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1. Introduction and Scope

Prevention of unexpected failures is a fundamental design objective in any engineering structure
or system subjected to fatigue. Nevertheless, the complexity of modern structures and the interactivity
among engineering systems, coupled with human fallibility, means that failure and its consequences
can only be avoided to a statistical probability. Hence, occasional catastrophic failures will occur,
with some of them involving the loss of human lives. Within the last few decades, a dramatic
advancement has been achieved in many of the necessary technologies to either avoid or mitigate the
consequences of failure. This advancement is associated with ever-increasing performance objectives
for materials, structures, and machines, an increased complexity of engineered products and processes.
Alongside this, catastrophic failure and its consequences are considered less tolerable in society
as a whole; this ensures that efforts to prevent unexpected failures are now a cornerstone in
modern engineering design and, simultaneously, a technological and scientific challenge. There is
an increasing acknowledgement in the engineering community that the response to this challenge,
that is, prevention of catastrophic failure, generally requires a systems approach and necessitates
engagement of a large pool of multidisciplinary expertise and the deployment of tools for systems
analysis. This multidisciplinary pool includes materials science, structural analysis, manufacturing
technologies, quality control and evaluation, mathematics, physics, and probability and reliability.
Furthermore, from the scientific point of view, there is also an increasing acknowledgement that
addressing the complex engineering problems of today requires the use of concepts and approaches
that can account for size- and time-scaling effects. The Special Issue scope embraces interdisciplinary
work aimed at understanding and deploying physics of fatigue and failure techniques, advancing
experimental and theoretical failure analysis, modelling of the structural response with respect to both
local and global failures, and structural design that accounts for scale and time effects in preventing
engineering failures.

2. Contributions

Fourteen articles have been published in the present Special Issue of Metals, encompassing the
fields of fatigue damage, high-cycle fatigue, fatigue and creep interaction, and fatigue in aggressive
corrosive media. This grouping is not hard-bound, and thematic links can be established beyond them,
which shall be emphasized in the following presentation.

2.1. High-Cycle Fatigue

High-cycle fatigue is a traditional topic, but still offers many challenges, as is well described in
some of the present contributions. In particular, it becomes increasingly critical if large-scale effects
occur in a full-scale component, increasing the presence of defects [1]. Aspects related to microstructure
and interaction between fatigue properties and metallurgical properties are also very important for the
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fatigue design [2]. The special issue treats this topic in a comprehensive way, providing an overview
of the state of the art of recent developments useful for the readers of Metals.

2.2. Fatigue and Creep Interaction

The interest in fatigue assessment of steels and different alloys at high temperature has increased
continuously in recent years. The applications in which the fatigue phenomenon is affected by high
temperature are of considerable interest, and involve various industrial sectors, such as transportation,
energy, and metal-manufacturing (e.g., jet engine components, nuclear power plant, pressure vessel, hot
rolling of metal). To provide as optimal a performance as possible in these highly demanding conditions,
it is necessary to be aware of the application and of the proper tools for performing the fatigue assessment,
including at high temperatures. Interaction between creep and fatigue is a crucial point for the design,
and it is well treated in some contributions to the present Special Issue (see, for example Ref. [3]).

2.3. Fatigue in Corrosive Media

An aggressive environment can be extremely critical for the fatigue life of a structure working in
an aggressive environment, and protection against corrosion is necessary to maintain adequate fatigue
properties and warrant the safety of the component. Designers must consider corrosion in service for a
proper design against fatigue loadings. Corrosion is also undesirable for reasons related to a safe and
economic use of a structure during its service life. Some recent advances in this area are well presented
in [4], providing a useful and up-to-date overview of the problem in connection with fatigue damage
of structural materials.

3. Conclusions and Outlook

A variety of connected topics have been compiled in the present Special Issue of Metals,
providing a wide overview of recent developments on different aspects of fatigue damage.
Hopefully, this special issue will be a starting point for future discussions and scientific debate
on challenging topics related to fatigue damage and fatigue design. The topic, in fact, remains current,
with a high and relevant impact for many applications. The selected papers touch on a variety of
important topics related to fatigue and fracture in structural materials. Scale effect and multiscaling
approaches are a fundamental part of these topics, and allow a better understanding of the fatigue
damage at different scale levels.

As guest editor of this special issue, I am very happy with the final result, and hope that the
present papers will be useful to researchers and designers, working towards the demanding objective
of failure prevention in presence cyclic loadings. I would like to warmly thank all the authors for their
contributions, and all of the reviewers for their efforts in ensuring a high-quality publication. At the
same time, I would like to thank the many anonymous reviewers who assisted me in the reviewing
process. Sincere thanks also to Editors of Metals for their continuous help, and to the Metals Editorial
Assistants for the valuable and inexhaustible engagement and support during the preparation of this
volume. In particular, my sincere thanks to Natalie Sun for her help and support.

Conflicts of Interest: The author declares no conflict of interest.
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Abstract: The effects of corrosive media on rotating bending fatigue lives (the cyclic numbers from
104 to 108) of different aluminum alloys were investigated, which involved the corrosion fatigue
lives of five kinds of aluminum alloys in air, at 3.5 wt. % and 5.0 wt. % NaCl aqueous solutions.
Experimental results indicate that corrosive media have different harmful influences on fatigue lives
of different aluminum alloys, in which the differences of corrosion fatigue lives depend strongly on the
plastic property (such as the elongation parameter) of aluminum alloys and whether to exist with and
without fracture mode II. The other various influence factors (such as the dropping corrosive liquid
rate, the loading style, and the nondimensionalization of strength) of corrosion fatigue lives in three
media were also discussed in detail by using the typical cases. Furthermore, fracture morphologies
and characteristics of samples, which showed the different fatigue cracking behaviors of aluminum
alloys in three media, were investigated by scanning electron microscopy (SEM) in this paper.

Keywords: aluminum alloy; corrosive environment; fatigue performance; rotating bending test;
relative strength

1. Introduction

As important types of light metals (Al, Mg, and Ti alloys) [1], aluminum alloys have received much
attention in the past several decades due to their excellent properties such as high strength-to-weight
ratio, high corrosion resistance and recyclability, which have been widely applied to aeronautic
and automotive fields. However, components and structures made of aluminum alloys are usually
directly exposed to the corrosive environment, and their fatigue strengths are highly susceptible in
the environmental conditions. More data, especially fatigue properties in corrosive environments, is
crucial for guaranteeing the service safety and reliability. Therefore, many studies have focused on
fatigue behaviors and damage mechanisms of aluminum alloys in corrosive environments in recent
years [2–17]. Yi et al. [1] explored the effect of temperature, humidity and environment (air, humidity
and 3.5 wt. % NaCl salt spray) on the fatigue life and fracture mechanisms of 2524 aluminum
alloys by scanning electron microscopy (SEM), transmission electron microscopy (TEM) and fatigue
property testing. The results showed that temperature has a detrimental influence on corrosion
fatigue life, and the increased crack growth rate was attributed to a combination of hydrogen
embrittlement and anodic dissolution at the growing fatigue crack tip. Wang [2] attempted to extend
the concept of material element fracture ahead of a crack tip, during fatigue crack propagation
(FCP) to corrosion fatigue crack propagation (CFCP) of aluminum alloys in corrosive environment.
He derived a new expression for the CFCP rate according to the principle of fracture mechanics,
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which exhibited the important feature of correlation between the CFCP rate, corrosion damage,
and mechanical parameters. Na et al. [3] investigated the susceptibility to pitting corrosion of
AA2024-T4, AA7075-T651, and AA7475-T761 in aqueous neutral chloride solutions for the purpose
of comparison using electrochemical noise measurement. They concluded that the susceptibility
was decreased in the following order: AA2024-T4 (the naturally aged condition), AA7475-T761
(the overaged condition), and AA7075-T651 (the near-peak-aged condition). Warner [4] demonstrated
the effective inhibition of environmental fatigue crack propagation in age-hardenable aluminum alloys:
the addition of the molybdate effectively inhibited the fatigue crack propagation behavior. With regard
to the fatigue strength of high strength aluminum alloys in corrosive environments, it has been reported
that the degradation of fatigue strength was mainly caused by an acceleration of the fatigue crack
growth due to the anodic dissolution and hydrogen embrittlement mechanism [5,6]. Giacomo et al. [7]
reported on the effect of fatigue life reduction of 2024 Al alloy for aerospace components due to the
corrosive (exfoliation) environment. Both standard fatigue tests on prior corroded samples and fatigue
tests conducted with the samples in corrosive solution are developed to define some guidelines for the
inclusion of such effects in design and to improve aircraft life management [7]. In addition, as one of
the basic effect factors of environments to the hydrogen embrittlement fracture of metals, Murakami [5],
Takahashi et al. [8], Wang et al. [6,12], and Ricker et al. [17], etc. also found that corrosive fatigue
summed up the hydrogen embrittlement (HE) mechanism for aluminum alloys. In the corrosive
fatigue damage process, the hydrogen evolution process based on electrochemical reacting equations
can be expressed as follows:

H2O ` e Ñ OH´ ` 1
2

H2 (1)

Al2O3 ` 2OH´ Ñ 2AlO2́ ` H2O (2)

Al ` OH´ ` H2O Ñ AlO2́ ` 3
2

H2 (3)

However, the presence of corrosive environment greatly increased the complexity of the corrosion
fatigue performance evaluation [7], in which there is a need to account for both mechanical and
environmental driving forces, so that the fatigue properties in corrosive environments are very complex
and are not fully understood.

In the present study, the effects of corrosive media on fatigue behaviors and fatigue lives of
aluminum alloys were investigated focusing on fracture characteristics of AA 6000 and AA 7000 series
aluminum alloys and S-N curves in three types of media, namely air, 3.5 wt. % NaCl and 5.0 wt. % NaCl
aqueous solutions. As fracture characteristics of AA 2000 series aluminum alloys, please see the
reference [14]. In addition, the fatigue life of AA2024-CZ aluminum alloy in 3.5 wt. % NaCl aqueous
solution under different cyclic loading types (rotation bending cyclic loading and axial cyclic
loading, R = ´1) and under different corrosion modes (stress corrosion and pre-corrosion) were
also compared, respectively.

2. The Experimental Method

2.1. Materials and Specimens

Materials used in this work were the commercial AA7475-T7351, AA7075-T651, AA2024-CZ,
AA2024-T4, and AA6063-T4 aluminum alloys. The major mechanical properties of those aluminum
alloys were listed in Table 1 and the chemical compositions in Table 2, respectively.
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Table 1. Major mechanical properties of representative aluminum alloys.

Al Alloys E (GPa) σ0.2 (MPa) σb (MPa) δ (%)

AA7475-T7351 70.5 434 503 10.2
AA7075-T651 72.0 505 570 11.0
AA2024-CZ 71.0 260 290 17.0
AA2024-T4 71.0 325 470 20.0
AA6063-T4 69.0 90 170 22.0

E: Young’s modulus; σ0.2: the material’s offset yield strength; σb: the tensile strength;
δ: the percentage elongation.

Table 2. Chemical compositions (wt. %) of representative aluminum alloys.

Al Alloys Zn Mg Cu Mn Cr Ti Fe Si Al

AA7475-T7351 5.89 2.48 1.59 <0.01 0.22 0.02 0.06 <0.03 Bal.
AA7075-T651 5.60 2.50 1.60 0.32 0.40 0.06 0.50 0.40 Bal.
AA2024-CZ 0.07 1.49 4.36 0.46 <0.01 0.01 0.25 0.14 Bal.
AA2024-T4 0.25 1.60 4.50 0.80 0.10 <0.01 0.50 0.50 Bal.
AA6063-T4 0.10 0.70 0.10 0.10 0.10 0.10 0.35 0.40 Bal.

All plate or round bars of aluminum alloys were machined as experimental samples based
on the demands of shape and size as shown in Figure 1. The specimen (total length = 100 mm
and diameter = 10 mm) is the minimum diameter of φ4 mm, which formed a circumferential notch
to localize the crack initiation site. After machining, all of the specimens were prepared by an
electro-polishing method after hand grinding at ´20 ˝C at a voltage of 70 V for approximately 5–10 s.
The polishing etchant was a solution of 5% perchloric acid and 95% glacial acetic acid. This treatment
can remove the work-hardened or oxidized layer of the sample and then reduce the residue stress.
The surface roughness (Re) and the stress concentration factor of each specimen were controlled
approximately 0.80 μm by using the different abrasive papers (1000, 1200, 2000 grits, respectively) and
1.08 by using the radius of curvature of notch, respectively. The applied stress level in the rotation
bending fatigue tests is estimated as follows [6,12,14]:

σ “ 32gαLW
πd3 (4)

where d is the diameter of the critical section (i.e., 4 mm as shown in Figure 1a), g is the acceleration of
gravity (9.8 m/s2), α is the stress concentration factor (1.08), L is the distance from the critical section
of specimen to the applied loading end (about 40.5 mm for a standard sample) and W is the applied
loading (kgf), respectively.

2.2. Testing Procedures

All rotation bending fatigue tests were controlled by the load at a stress ratio R = ´1 and a
rotating frequency about 58 Hz referring to literature [18]. The temperature of the testing environment
is room temperature of about 25 ˝C and the relative humidity of the air environment is about 25%.
Three kinds of corrosion media were air, 3.5 wt. % and 5.0 wt. % NaCl aqueous solutions, respectively.
The mechanical rotating bending loading was applied on the sample as shown in Figure 1b and the
corrosion liquid was dropped on the free surface of samples as shown in Figure 1c. In addition,
considering the effect of corrosion solution sorption time or amount on the fatigue damage of samples,
the different dropping rates of corrosive liquid, 1.6 mL/min and 2.5 mL/min, were controlled in the
fatigue tests. In order to obtain fracture morphologies, the typical fracture cross-sections of samples
were carefully cleaned by the ultrasonic then measured in the vacuum chamber (10´4 Pa) of Quanta
FEG 450, and scanning electron microscopy (SEM) was conducted.
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Figure 1. Schematic drawing of rotating bending fatigue specimen. (a) Size and shape of sample;
(b) rotation bending applied to schematic drawing in the air case; (c) environmental box for the
corrosion liquid dropping.

3. Results and Discussions

3.1. Fatigue Life Characteristics

Figure 2 indicates S-N curves of representative AA6063-T4 aluminum alloy in the air case, at
3.5 wt. % and 5.0 wt. % NaCl aqueous solutions. High-cyclic fatigue (HCF) lives of AA6063-T4
aluminum alloy decreased along with the concentration percentage of NaCl aqueous solution
increasing, in which the corrosion fatigue limits (107 cycles) at the two corrosion media were not
clear, especially at 5.0 wt. % NaCl aqueous solution. If we define the fatigue limit of 107, the fatigue
limit stress at the air case is about three times that at 3.5 wt. % NaCl aqueous solution. These curves
indicated that the effect of the corrosive environment on the HCF damage of AA6063-T4 aluminum
alloy was not ignored even though the material exposed time in NaCl aqueous solution did not exceed
48 h. According to the descended trends of S-N curves, the fatigue resistance of AA6063-T4 aluminum
alloy at 3.5 wt. % and 5.0 wt. % NaCl aqueous solutions is much lower than that in the air case within
5 ˆ 105 cycles. In addition, the larger the cyclic number, the smaller the slope difference of S-N curves.
It means that the coupled effect of corrosive environment and applied stress on the high-cycle fatigue
(HCF) behavior becomes more and more important.

Figure 2. S-N curves of AA6063-T4 in the different media at R = ´1 and f = 58 Hz.
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Figure 3, in which fatigue data marked as Δ (AA2024-CZ) is from Chang et al. [19], indicated
the influence of the relative strength (σ/σ0.2 by the non-dimension of applied stress and offset
yield strength) on HCF performances of aluminum alloys in different media. AA7475-T7351 and
AA7075-T651 are high strength aluminum alloys (the tensile strength is more than 500 MPa),
and AA2024-CZ and AA2024-T4 are high ductility aluminum alloys (the elongation ratio (δ%) is about
20%). The difference of fatigue behaviors between high strength aluminum alloys (AA7475-T7351 and
AA7075-T651) can be ignored based on the slopes and the difference of stress ratio for S-N curves in the
different media, in which the slopes in S-N curves of high strength aluminum alloys (AA7475-T7351 and
AA7075-T651) are approximately the same and the differences of fatigue lives are approximately the
same at the different stress ratios, especially in corrosion media. However, like the high ductility
aluminum alloys (AA2024-CZ and AA2024-T4), there are not small differences of fatigue performances
at the same stress ratios in the different media, although the slopes in S-N curves of AA2024-CZ and
AA2024-T4 have only slight differences in either the air case (Figure 3a) or NaCl aqueous solutions
(Figure 3b,c). It was found that the effect of deformed capacity on the fatigue damage resistance
in the different media is much more obvious. On the other hand, the fatigue lives of high strength
(AA7000 series) aluminum alloys are shorter than that of high ductility (AA2000 series) aluminum
alloys in the different media, especially in NaCl aqueous solutions. This reflects a fact that the effect of
corrosive environment is much stronger on the fatigue performance of high strength aluminum alloys
than that of high ductility aluminum alloys under the stress ratio. For example, when the stress ratio is
0.5, the corrosion fatigue lives of AA7475-T7351 and AA7075-T651 at 5.0 wt. % NaCl aqueous solution
are the same approximate values of about 2.5 ˆ 104, and the corrosion fatigue lives of AA2024-CZ and
AA2024-T4 at 5.0 wt. % NaCl aqueous solution are 2 ˆ 105, 6 ˆ 105, respectively. With the increasing of
cyclic number to failure or the reducing of stress ratio, the influencing trend becomes smaller. One of the
reasons is that slight strain change-enhanced anodic dissolution and concomitant cathodic hydrogen
generation might play an important role in accelerating fatigue damage of high strength aluminum
alloys compared with high ductility aluminum alloys [20]. However, the difference of corrosion
fatigue behavior between high strength aluminum alloys (such as AA7475-T7351 and AA7075-T651)
at 3.5 wt. % NaCl aqueous solution is close to that at 5.0 wt. % NaCl aqueous solution as shown in
Figure 3b,c, which will be beneficial to predicating fatigue lives of high strength aluminum alloys.

(a) (b)

Figure 3. Cont.

8



Metals 2016, 6, 160

(c)

Figure 3. Effect of relative strength on the high-cyclic fatigue performance of representative aluminum
alloys in the different environmental media. (a) In the air case; (b) at 3.5 wt. % NaCl solution;
(c) at 5.0 wt. % NaCl solution.

To explore the effect of corrosion solution sorption time or amount on the fatigue damage of
samples’ free surface, Figure 4 shows the S-N curves of AA2024-T4 aluminum alloy under the different
rates of dropping corrosion liquid (at 5.0 wt. % NaCl aqueous solution). It was clearly found that
the rate of dropping corrosion liquid directly affects the fatigue life of AA2024-T4 aluminum alloy.
The faster the rate of dropping corrosion liquid, the shorter the fatigue life of AA2024-T4 aluminum
alloy. One of the effective reasons may be because the corrosive NaCl liquid with the 2.5 mL/min
is much easier to accumulate on the specimen surface than that with the 1.6 mL/min, in which the
corrosion solution always adheres to the surface of samples at the 2.5 mL/min state, but its difference
is not greater than that at 1.6 mL/min during the HCF damage process. That is, the effect of corrosion
solution sorption time or amount on the surface damage of sample can be ignored when the rate of
dropping corrosion liquid is beyond 1.6 mL/min. As the rate of dropping corrosion liquid is less than
1.6 mL/min, it is worth further study.

Figure 4. The S-N curves of AA2024-T4 at the different dropping corrosive liquid rates at 5.0 wt. %
NaCl aqueous solution.

Figure 5 shows the comparative results about the effect of applied cyclic loading styles on the
fatigue life of AA2024-CZ aluminum alloy at 3.5 wt. % NaCl aqueous solution. Fatigue data of
AA2024-CZ aluminum alloy under the axial cyclic loading are from Wu [21], and fatigue data of
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AA2024-CZ under the rotational bending cyclic loading style are based on our experimental results.
As the same AA2024-CZ aluminum alloy, it was found that the effect of applied cyclic loading style on
the fatigue life of AA2024-CZ aluminum alloy is obvious. This is because the stress (strain) gradient
exists in the cross-section of sample under rotation bending cyclic loading style, but it does not exist
in that under push-pull cyclic loading style although the stress ratio (R = ´1) and the stress levels
reach the same conclusions [22]. Therefore, for the same material and stress level, the fatigue life of the
former is obviously longer than that of the latter as shown in Figure 5.

Figure 5. The S-N curves of AA2024-CZ under the different cyclic loading styles at 3.5 wt. % NaCl
aqueous solution, all data of mark Δ come from literature [21].

Most researchers have previously reported fatigue data of aluminum alloys under pre-corrosion
mode based on the equivalent life concept according to airplane structure subjected to two main factors
of environment corrosion and fatigue loading [9,23–25]. These results indicated that the differences
between the cyclic stress corrosion and prior-corrosion HCF damage behaviors of aluminum alloys are
always existent. Figure 6 shows quantificationally the difference of fatigue behaviors under different
corrosion modes for AA2024-CZ aluminum alloys. The fatigue life under the prior-corrosion mode is
obviously longer than that under the stress corrosion fatigue mode. However, with the decreasing
of the applied stress level or increasing of the cyclic number, the difference of fatigue life becomes
insignificant. It hints that the fatigue damage model under the prior-corrosion mode can be divided into
two parts including low-cyclic fatigue (LCF) and HCF models in the different media. Typical results
indicated that for AA2024-CZ aluminum alloys, the fatigue crack initiation and propagation under
stress corrosion mode is easier than that under prior-corrosion in the same condition. One of the
important reasons is that the size and shape of corrosion pits depend directly on the fatigue crack
initiation of aluminum alloys, in which the maximum depth of corrosion pit (measured area is about
3 mm ˆ 3 mm) is about 50–60 μm. The depth of corrosion pit was controlled by using the 20% EXCO
(NaCl: 3.5 wt. %, KNO3: 0.5 mol/L, HNO3: 0.1 mol/L) solution at 25 ˘ 3 ˝C for holding 6 h in the salt
fog cabinet to accelerate surface corrosion of AA2024-CZ aluminum alloy. With increasing of holding
time, the depth of corrosion pits becomes bigger and bigger so that the fatigue crack initiation life of
aluminum alloy becomes shorter [9].
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Figure 6. The S-N curves of AA2024-CZ under the different corrosion modes at 3.5 wt. % NaCl aqueous
solution, all data of mark Δ come from literature.

3.2. Fatigue Fracture Characteristics

Figure 7 illustrates the typical fatigue fracture morphologies and characteristics of AA6063-T4 and
AA7475-T7351 aluminum alloys in the different media under the same stress level. According to the
concave and convex degrees of fracture surface, it is clearly seen that the cross sections of samples can
be divided into two different fracture regions including the fatigue crack initiation and propagation
region (Mark A) and the instantaneous fracture region (Mark B). For the sample of AA6063-T4
aluminum alloy, the area of the instantaneous fracture region in the center of sample decreased along
with the percentage of NaCl aqueous solution increasing as shown in Figure 7(a1,3,4). It reflects the
fact that the instantaneous fracture region is relatively smooth, in which many micro plastic dimples
can be still seen in the instantaneous fracture region as shown in Figure 7(a2). It means that the
fatigue fracture of AA6063-T4 aluminum alloy is the typical ductility fracture behavior in the air
case. In addition, the corrosion fatigue crack initiation and propagation regions present the different
fatigue fracture characteristics in air, at 3.5 wt. % and at 5.0 wt. % NaCl solutions, in which there
are different corrosion fatigue crack initiation positions and propagation directions just as the results
showed some crack propagation sidesteps or transition angles of crack propagation paths due to the
round bar geometry and applied loading style as shown in Figure 7a. It means that the shear stress
vector and crack initiation position number is much greater along with the transition angle or sidestep
increasing [6]. At the same time, the fatigue crack propagation behavior was inclined to mode II
(i.e., the shear mode), with many sidesteps containing an angle of approximately 50˝ as shown in
Figure 7(a1,3,4). Therefore, fatigue life of samples containing more sidesteps in cross-section is lower
than that of samples containing less sidesteps. On the other hand, the corrosive action with more crack
initiation positions is stronger than that with less crack initiation positions. More importantly, there is a
significant difference in branching crack morphologies (or sidesteps characteristics) in both AA6063-T4
Al alloy as shown in Figure 7a and AA7475-T7351 Al alloy as shown in Figure 7b. For the typical
high strength AA7475-T7351 Al alloy, corrosion fatigue fracture characteristics in air, at 3.5 wt. % and
5.0 wt. % NaCl aqueous solutions were almost similar to those shown in Figure 7b. In the air case,
the corrosion fatigue crack propagation region (Mark A) is much less than the instantaneous fracture
region as shown in Figure 7(b1) and the corrosion fatigue crack initiation position can be thought as
not more than two. This is because the corrosion fatigue crack propagation region has a relatively
concentrated area so that the crack propagation sidestep is relatively less. However, in the different
percentage NaCl solutions, there are confused corrosion fatigue crack propagation paths and a spot
of sidesteps or transition angles of crack propagation. It means that the fatigue crack initiation and
propagation behavior in different percentage NaCl solutions are much more complex than those in air
conditions. In addition, fracture surfaces of AA7475-T7351 aluminum alloy were much smoother than
those of AA6063-T4 aluminum alloy, especially in the fatigue crack initiation and propagation regions.
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This is because the shear stress vector component of high strength AA7475-T7351 aluminum alloy is
smaller than that of AA6063-T4 aluminum alloy.

(a1) (a2)

(a3) (a4)
(a)

(b1) (b2) (b3)
(b)

Figure 7. Scanning electron microscopy (SEM) fracture morphologies for AA6063-T4 and AA7475-T7351
in the different media. (a) AA6063-T4; (a1) in the air case; (a2) in the air case; (a3) at 3.5% NaCl
solution; (a4) at 5.0% NaCl solution; (b) AA7475-T7351; (b1) in the air case; (b2) at 3.5% NaCl solution;
(b3) at 5.0% NaCl solution.
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Figure 8 shows the amplification regions of fracture morphologies in fatigue crack propagation
regions for AA6063-T4 and AA7475-T7351 aluminum alloys in the different media. For 6063-T4
aluminum alloy, a number of obvious slip sidesteps and transition angles of slip planes were clearly
found in the fatigue crack initiation and propagation regions as shown in Figure 8a, which is attributed
to the multiple different crack propagation directions, due to the multi crack initiation sites occurring at
the free surfaces under the rotating bending loading. For AA7475-T7351 aluminum alloy, three fracture
surfaces were occupied by fatigue crack propagation striations and brittle fracture characteristics as
shown in Figure 8b. In addition, second fatigue cracks were clearly found so that their effects on the
fatigue fracture could not be ignored. There is no or little difference in three fracture surfaces in the
different media, while the crack propagation was accelerated by corrosive environment (seen the above
section). This is because the aqueous NaCl solution, a hydrogen-induced environment, may result
in localized deformation and accelerating of crack propagation due to the anodic dissolution and
hydrogen embrittlement mechanisms, which are important factors for weakening the fatigue resistance
or strength of AA7475-T7351 aluminum alloy.

(a1) (a2) (a3)
(a)

(b1) (b2) (b3)
(b)

Figure 8. SEM fracture morphologies in fatigue crack initiation and propagation regions for AA6063-T4
and AA7475-T7351 in the different media. (a) AA6063-T4; (a1) in the air case; (a2) at 3.5 wt. % NaCl
solution; (a3) at 5.0 wt. % NaCl solution; (b) AA7475-T7351; (b1) air, σ = 100 MPa; (b2) 3.5 wt. %,
σ = 80 MPa; (b3) 5.0 wt. %, σ = 54.6 MPa.

4. Conclusions

Environment-induced corrosion fatigue behaviors of representative aluminum alloys depend
strongly on the coupled action of corrosive media and applied stress level. Main conclusions obtained
in this paper are as follows:
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1. The effect of corrosive media is much stronger on the fatigue life of high strength aluminum alloys
(such as AA7475-T7351 and AA7075-T651) than that of high ductility aluminum alloys (such as
AA2024-CZ and AA2024-T4). For example, when the stress ratio is 0.5, the corrosion fatigue lives
of AA7475-T7351 and AA7075-T651 at 5.0 wt. % NaCl aqueous solution are approximately the
same values of about 2.5 ˆ 104, and the corrosion fatigue lives of AA2024-CZ and AA2024-T4 at
5.0 wt. % NaCl aqueous solution are 2 ˆ 105, 6 ˆ 105, respectively.

2. With increasing of cycles to failure, the effect of mechanical properties of materials on the
corrosion fatigue performance becomes relatively weak. For example, when the stress ratio is
0.2, the corrosion fatigue lives of AA7475-T7351 and AA7075-T651 at 5.0 wt. % NaCl aqueous
solution are approximately the same values of about 6.5 ˆ 105, and the corrosion fatigue lives of
AA2024-CZ and AA2024-T4 at 5.0 wt. % NaCl aqueous solution are 1.6 ˆ 106, 3 ˆ 106, respectively.

3. When the dropping corrosive liquid rate is less than 1.6 mL/min, the effect of dropping liquid
rate on the fatigue performance of AA2024-T4 aluminum alloy cannot be ignored. This is because
the fatigue life at corrosive NaCl liquid rate with 1.6 mL/min is slightly smaller than that at
corrosive NaCl liquid rate with 2.5 mL/min.

4. For the AA2024-CZ aluminum alloy, the crack initiation and propagation life under stress
corrosion mode is much shorter than that under mechanical fatigue mode after prior-corrosion at
the same stress level, in which in the former, the coupling effect of corrosion media and stress
is stronger than that in the latter, even if there are some corrosion pits including the maximum
depth of corrosion pit of about 50–60 μm.
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Abbreviation

α the stress concentration factor (1.08)
E Young’s modulus
HCF high-cyclic fatigue
L geometry sizes of sample
LCH low-cyclic fatigue
g acceleration of gravity (9.8 m/s2)
R stress ratio
Re surface roughness
Nf number of cycles to failure
σ engineering stress amplitude (MPa)
σ0.2 the material’s offset yield strength
σb the tensile strength
δ the percentage elongation
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Abstract: In order to better understand the high temperature low cycle fatigue behavior of Alloy
617 weldments, this work focuses on the comparative study of the low cycle fatigue behavior of
Alloy 617 base metal and weldments, made from automated gas tungsten arc welding with Alloy
617 filler wire. Low cycle fatigue tests were carried out by a series of fully reversed strain-controls
(strain ratio, Rε = ´1), i.e., 0.6%, 0.9%, 1.2% and 1.5% at a high temperature of 900 ˝C and a constant
strain rate of 10´3/s. At all the testing conditions, the weldment specimens showed lower fatigue
lives compared with the base metal due to their microstructural heterogeneities. The effect of very
high temperature deformation behavior regarding cyclic stress response varied as a complex function
of material property and total strain range. The Alloy 617 base weldments showed some cyclic
hardening as a function of total strain range. However, the Alloy 617 base metal showed some cyclic
softening induced by solute drag creep during low cycle fatigue. An analysis of the low cycle fatigue
data based on a Coffin-Manson relationship was carried out. Fracture surface characterizations were
performed on selected fractured specimens using standard metallographic techniques.

Keywords: Alloy 617; very high temperature gas-cooled reactor (VHTR); gas tungsten arc welding
(GTAW); weldments; low cycle fatigue (LCF); fatigue life; fracture surface characterization

1. Introduction

The Next Generation Nuclear Plant (NGNP) being developed in the Republic of Korea is the
Very High Temperature gas-cooled Reactor (VHTR). The VHTR merges the diversities of the baseline
design to allow eventual operation at gas outlet temperatures up to 950 ˝C. In the VHTR, some of
the major components such as the reactor internals, the reactor pressure vessel, the piping, the hot
gas ducts (HGD), and the intermediate heat exchangers (IHX) are classified as key components,
with helium as a primary and secondary coolant. The IHX performs the main purpose in the
operation of the NGNP, transferring heat from the primary reactor helium to an active working
fluid at a lower temperature. Leading materials of potential concern include nickel-base Alloy 800H,
Alloy 617, Alloy 230, and Hastelloy X for the high temperature components. In the high temperature
design, creep and fatigue resistance, oxidation resistance, and phase stability need to be satisfied [1,2].
Alloy 617, a nickel-base super alloy, is a leading candidate material for a VHTR because of its excellent
high-temperature mechanical properties, formability, and weldability. Alloy 617 is strengthened by
solid solution hardening precipitates provided by the alloy chemical compositions of chromium,
cobalt, and molybdenum, which are required for high temperature strength [3]. In Alloy 617, the high
temperature oxidation resistance is derived from the high nickel and chromium content. In addition,
grain boundary strengthening takes place during the solidification process, with the aid of carbide
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precipitates. Primary carbides, M6C, have a complex structure and they precipitate in a relatively
high temperature process. A more complex secondary carbide, M23C6, is suspected and mainly grows
along the grain boundary. These carbide precipitates are known to have a high content of chromium.
They diffuse and form a depleted zone of a Cr-rich oxide layer on the outer surface, namely Cr2O3 [4].
Consequently, the Alloy 617 is expected to provide good thermal stability for components of power
generating plants with a high temperature strength up to 950 ˝C [5]. The IHX have to be joined to
piping or other components by welding technique. Very high temperature deformation is expected to
be a predominant failure mechanism of the IHX, and thus, weldments used in its fabrication experience
varying cyclic deformation and are a key element of all designs [6,7].

In an actual high temperature design evaluation, however, fatigue and creep damage are usually
more critical than other design parameters. In this circumstance, the low cycle fatigue (LCF) loadings
represent a predominant failure mode from the temperature gradient induced thermal strain during
operation as well as in the startups and shutdowns and in power transients or with temperature change
of the flowing coolant having a low loading rate [5–8]. Because of these shortcomings, significant
consideration of LCF behavior is needed in the design and life assessment of such components
working in high temperature conditions. The welded section material could be considerably affected
by the welding process which is responsible for heterogeneities. As such, the weldments are critical
considerations in the engineering design because they are the weakest links in the components and
may have some original defects. Experience with nickel alloy weldments in structural applications
suggests that most cases of high temperature fatigue failures occur at the weldments or in the heat
affected zone (HAZ) [6]. Although Alloy 617 has many superior properties, numerous researchers
have reported that the fatigue life varies widely at high temperature and it is generally found that the
weldment specimens have a lower fatigue life compared to the base metal, although only limited data
were available on the weldments material [5–11]. A draft Code Case was developed to qualify the
Alloy 617 for nuclear service; the need for fatigue data, such as the influence of strain ranges, strain rate,
and temperature at thermally induced strain rates in the IHX parent material and weldments material
is necessary to predict the lifetime of the reactor components. However, the behavior of Alloy 617
weldments is not yet fully understood, and there remains a need for further experiments; a lot of data
needs to be supplemented at very high temperatures due to the variability in the fatigue response
of the element parts of the weldments (i.e., weld, HAZ, and base metal) to confirm the suitability of
a baseline draft Code Case [6].

The aim of this work focuses on the understanding of the LCF behavior of Alloy 617 base metal
and weldments, made from an automated gas tungsten arc welding (GTAW) process with Alloy 617
filler wire. LCF tests have been carried out through a series of fully reversed strain-controls (strain
ratio, Rε = ´1) regarding to the four different total strain ranges, i.e., 0.6%, 0.9%, 1.2% and 1.5% at
a high temperature of 900 ˝C in an air environment, in accordance with the ASTM Standard E606.
The effect of very high temperature deformation behavior of Alloy 617 base metal and weldment
specimens is comparatively investigated as a function of total strain range. The plastic deformation
regarding stress response was reflected as damage accumulation in the structural material, and it could
be correlated to the fatigue life of the material. An evaluation of LCF behavior data was performed
using the well-known relationship based on a Coffin-Manson relationship, and the material constants
were also determined. The LCF fracture surface microstructures were characterized on selected
fractured specimens, and thus, the microstructural changes under various conditions are also reported
quantitatively using standard metallographic techniques.

2. Materials and Experiments

A commercial grade Alloy 617 is approved for non-nuclear construction in the ASME Code.
Thus the composition (wt %) of the Alloy 617 used for material chosen in this study is 53.11Ni, 22.2Cr,
12.3Co, 9.5Mo, 1.06Al, 0.08C, 0.949Fe, 0.4Ti, 0.084Si, 0.029Mn, 0.027Cu, 0.003P, <0.002S, and <0.002B.
The initial microstructure analysis of Alloy 617 was revealed in a previous study [2,6]. Alloy 617 has
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a fully austenitic face centred cubic (fcc) structure which maintains superior mechanical properties
at high temperature. The fcc matrix, known as, γ, mainly consists of nickel, cobalt, iron, chromium,
and molybdenum. Figure 1 shows the microstructure of the cross-section of a weld, the HAZ, and the
base region. However, the microstructure of the base metal with well-uniformed equiaxed grains is
approximately 100 μm in diameter. The weld region is comprised of austenitic large columnar grains
with a dendritic structure due to solidification during the welding process. As such, the HAZ of the
weld was formed by carbide dissolution and a small amount of grain growth. Cylindrical specimens
with 6.0 mm in diameter in the reduced section with a parallel length of 18 mm and gauge length
of 12 mm were used for the LCF test specimens. Low stress grinding and polishing were applied
in the final machining to avoid the formation of notches. LCF weldment specimens were machined
from weld pad in the transverse direction to the welding direction. Alloy 617 filler wire was used
with a diameter of 2.4 mm. After the welding process, the soundness of the weldments was qualified
through an ultrasonic test (UT), a tensile test, and a bending test. The bending testing results coincide
well with ASME specifications, which means the micro-crack is within 3.2 mm. It was also observed
that the weldments exhibited acceptable ductility. Nevertheless, the soundness of the weldments gives
no indication of welding defects. The shape of the weld pad has a single V-groove with an angle of
80˝ and 10 mm root gap from a 25 mm thick rolled plate. Figure 2 shows the shape and dimension
of the weld pad configuration and the schematic of weldment specimens used in this investigation.
The gauge section of the weldment specimen mainly covers the weld and HAZ materials only.

Figure 1. Microstructure of the cross-section of Weld-Heat affected zone (HAZ)-Base region.

(a) (b)

Figure 2. (a) The weld pad configuration; (b) The schematic of shape and dimension of the weldment
specimen (all dimensions are in millimeters).

A closed loop 100 kN servo hydraulic testing machine (MTS 370 Landmark,
Eden Prairie, MN, USA) was used and equipped with a tube furnace for heating the specimens of
Alloy 617 base metal and weldment in dry air, which ensured that the temperature remained within
˘2 ˝C of the nominal temperature throughout the test. The specimen was held at a target temperature
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with zero load for about 30 min to allow temperatures to stabilize before the commencement of
the test. A full-scale photograph of the LCF testing apparatus is shown in Figure 3. We performed
fully reversed (strain ratio, Rε = ´1) axial strain controlled LCF tests of Alloy 617 base metal and
weldment specimens at 900 ˝C regarding to the four different total strain ranges, i.e., 0.6%, 0.9%,
1.2% and 1.5%. A triangular waveform and a constant strain rate of 10´3/s were applied. The failure
criterion was defined by the number of cycles which means a 20% reduction in the stress ratio
(peak tensile over compressive stress ratio). In order to examine the LCF fracture morphologies,
we characterized the post-fracture analysis of the selected specimens which split into two pieces in the
preliminary observation using standard metallographic techniques. The fatigue specimens, cut around
crack initiation sites, were chemical-polished with a mixed solution of ethanol, hydrochloric acid,
and copper II chloride. The characterization was carried out using a scanning electron microscopy
(SEM Hitach JEOL JSM 5610, JEOL Ltd., Tokyo, Japan) along with an energy dispersive X-ray (EDX,
INCA Energy, Oxford Instruments Analytical, Halifax Road, UK) facility to determine the position of
the crack initiation site as well as an optical microscope (OM JP/GX51, Olympus Corp., Tokyo, Japan)
to provide an explanation of the LCF failure mechanism.

(a) (b)

Figure 3. (a) Full-scale view of the low cycle fatigue (LCF) testing apparatus; (b) Photograph of the
view port during LCF testing.

3. Results and Analysis

3.1. Fatigue Life and Cyclic Stress Response Behavior

Figure 4 shows the tensile test results of the Alloy 617 base metal and weldment specimens.
Alloy 617 base metal and weldment specimens showed different characteristics of mechanical
properties as microstructural differences: As revealed in the previous study [2], the hardness value of
the HAZ and weldments had a higher value due to the austenitic phase with fine equiaxed dendrites.
It is noticeable that the Young’s modulus was similar for the Alloy 617 base metal and weldment
specimens, while the strength of the weldments was higher than the base metal, but with a lower
percentage of elongation. The higher strength of the weldment specimens could be attributed to the
austenitic nickel-chromium morphology with a dendritic structure, and formation of precipitates of
the weldments in the solidification grain boundaries [4].

At all the testing conditions, the weldment specimens showed lower fatigue lives compared
with the base metal, and also the fatigue life of both base metal and weldment specimens decreased
with increase in the total strain range, as shown in Figure 5. Figure 6 shows the peak tensile and
compressive stresses of the cyclic stress response under four different total strain ranges during LCF
testing. The peak tensile and compressive stress response were of the same magnitude, which means
the strain accumulation is practically similar during cyclic deformation. The peak tensile stress, as a
function of the number of cycles, attained a stable value within less than 10 cycles. The peak stress
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value of the half-life cycle increases with increasing total strain range of the weldment specimens,
otherwise, the lower total strain ranges showed higher peak stresses for the base metal. These results
could suggest that the reduction in fatigue life is not strongly dependent on cyclic deformation. At all
the testing conditions, the cyclic stress response behavior of Alloy 617 at the high temperature of 900 ˝C
showed a cyclic softening region for the major portion of the time in each total strain range. At the
end of the test, the stress amplitude decreased rapidly at the formation of macro-crack initiation or
just before fracture. Under the lowest total strain range, i.e., 0.6%, saturation phase was also observed.
A short period of cyclic initial hardening was observed below 10 cycles for all weldment specimens
at any given total strain ranges, the saturation phase also appeared at lower total strain range, and
remained in the softening phase until failure.
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Figure 4. Tensile stress-strain curves of the Alloy 617 base metal and weldment specimens.
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Figure 6. Peak tensile and compressive stress response of the Alloy 617: (a) base metal; (b) weldment
specimen, as a function of the number of cycles.
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The cyclic stress-strain response behavior could be determined through the well-known
Ramberg-Osgood relationship (Equation (1)), and also linear regressions could be taken which provide
a measure to cyclic straining.

�σ

2
“ K1

ˆ�εp

2

˙n1

(1)

where Δσ, Δεp, K’, and n’ represent the stress amplitude, the plastic strain magnitude, the cyclic
strength coefficient and cyclic strain hardening, or softening exponent, respectively. Figure 7 shows
the cyclic stress amplitude versus plastic strain response at half-life. The material constants, K’ and n’,
were obtained through the cyclic stress-strain curves by the least square fit method.
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Figure 7. The cyclic stress-strain behavior of Alloy 617 base metal and weldment specimens at 900 ˝C,
determined through the Ramberg-Osgood relationship.

On the Alloy 617 weldment specimens, the plastic strain increased continuously under LCF
loading as the cyclic stress amplitude at the half-life increased. Alloy 617 weldment specimens were
deformed by the plastic flow mechanism and show a cyclic hardening mechanism. On the contrary,
the Alloy 617 base metal, showed a decrease in cyclic stress amplitude when the total strain range
was elevated, which is a definition of the cyclic softening mechanism. This finding on the base metal
was similar to a literature review [8], Wright et al. confirmed that under fatigue loading at very high
temperature, the Alloy 617 exhibits an exponential decrease of peak stress amplitude with increasing
strain amplitude induced by the solute drag creep mechanism. These stress drops with increasing total
strain ranges have been attributed to solute-drag creep. Under high total strain ranges (beyond the
flow stress peak) the solute drag flow peak only occurs during the first cycle, and the lower flow
stress is maintained for each cycle, after the first cycle has established enough plastic flow to reach
this steady state value. Figure 8 shows that a visible pattern of stress-strain behavior is noticeable
under high-temperature fatigue, featured by an initial stress drop in the first cycle. Solute drag creep
occurs due to the dynamic interactions between dislocations and the solute atoms. The solutes hinder
dislocation motion resulting in relatively high resistance to plastic flow, and during cyclic loading
the rearrangement and annihilation of the dislocation substructures overcome the energy and begin
dragging the solutes. This causes the overall dislocation density to decrease and reduces the flow
stress. In the case of the Alloy 617 the base metal experiences a small total strain range, the cyclic
stress response remains at the higher value. The results are in good agreement with that of the
empirical rule (σuts/σys < 1.2), in which metallic materials cyclically soften; in this study we found
that (σuts/σys = 1.13) for the base metal and (σuts/σys = 1.23) for the weldment specimens.
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3.2. Stress-Strain Hysteresis Loops

Figure 9 shows the stress-strain hysteresis loops of the Alloy 617 base metal and weldment
specimens for cycles 1, 5, 10, stable cycle (half-life), and fractured cycle, at a selected total strain range
of 0.9%. The Alloy 617 base metal showed a continuous decrease in the peak stress as a function of
the cycles, as shown in Figure 9a. Meanwhile, in the case of the weldment specimens as shown in
Figure 9b, initial hardening in the peak stress was observed below 10 cycles, and continued to decrease
until failure.
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Figure 9. Stress-strain hysteresis plots of the Alloy 617: (a) base metal; (b) weldment specimens for
selected cycles; total strain range of 0.9%, at 900 ˝C.

Figure 10 shows comparative stress-strain hysteresis loops for the Alloy 617 base metal and
weldment specimens for the half-life cycle at each total strain range. The plastic strain accumulation
(represented by the shape of the hysteresis loops) shows more significantly an increase as a function of
total strain range, although, we found a relatively higher plastic strain magnitude for the base metal
(Figure 10a) compared with those of the weldment specimens (Figure 10b). At each total strain range,
the hysteresis loops of the weldment specimens were relatively narrower than those of the base metals.
The overall cyclic stress response curve of weldment specimens is higher than that of the base metal.
The inner area of the hysteresis loop represents the plastic energy per unit volume dissipated as plastic
work during a cycle (J/m3), and decreases as the stress amplitude decreases. As previously described,
Figure 10a shows the cyclic strain softening. From Figure 10b some cyclic strain hardening is obvious
but depends on the total strain ranges. This behavior conforms well to a cyclic hardening characteristic,
and is related to the accumulation of dislocation density within the matrix, γ, and the configuration
of materials. As the LCF testing proceeds, the total dislocation density depends on the plastic strain
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accumulation (in accordance with the strain range), and the material resistance against the dislocation
increases, while the stress amplitude continues to be slightly increasing [12].
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Figure 10. Comparative stress-strain hysteresis loop plots at the half-life cycle of the Alloy 617:
(a) base metal; (b) weldment specimens regarding different total strain ranges at 900 ˝C.

3.3. Strain-Life Data Analysis

The axial strain controlled LCF test provides crucial information on the strain-life relationship, and
could be used to improve the fatigue performance. It is obvious that the LCF life is sensitive to the total
strain range and the material property (namely, base metal and weldments). Therefore, the Alloy 617
base metal and weldments represent a typical Coffin-Manson life dependence on total strain range.
The well-known, Coffin-Manson fatigue design method correlates the number of cycles to failure, Nf,
with the presented strain history of the specimen under LCF loadings. This model could be used to
model the LCF problem, when the plastic strain range, ΔεP, is the same or even larger than the elastic
strain range, Δεe. The Coffin-Manson method could be worked out with the stress-strain (log scale)
relationship, as well as the Ramberg-Osgood relationship, to describe the hysteresis loop, considering
cyclic softening or hardening of the material. Equation (2) can be introduced:

�εT

2
“ �εp

2
` �εe

2
“ σ1

f
E

p2Nfqb ` ε1
f p2Nfqc (2)

where, ΔεT/2 is the total strain amplitude, Δεe/2 is the elastic strain amplitude, ΔεP/2 is the plastic
strain amplitude, 2Nf is the number of reversals to failure, σf’ is the fatigue strength coefficient, b is the
fatigue strength exponent, εf’ is the fatigue ductility coefficient, c is the fatigue ductility exponent, and
E is the elastic modulus, respectively.

Equation (2) mathematically represents the Coffin-Manson curves of the strain amplitude and
the number of reversals to failure shown in Figure 11. The results show the success of this approach
through experimental testing. The material constants were calculated through Equation (2), and simply
by fitting the curves using a least square fit method. The derived fatigue life coefficients in this work
are also listed in Table 1. In this study, the c slopes of ´1.04 and ´0.96 of the Alloy 617 base metal and
weldments, respectively, were obtained according to the experimental data. At all total strain ranges,
the base metals exhibited the plastic regime controlling the fatigue deformation. Over a large strain
range, it could be seen that the plastic regime controlled the fatigue deformation, and furthermore,
the small strain range was induced by a larger elastic deformation rather than plastic deformation of
the weldments. The domain in the intersection between plastic and elastic strain line, is called the
transition of the fatigue life, Nt. From Figure 11, we obtained 2Nt of 3766 cycles and 628 cycles for base
metal and weldment specimens, respectively.
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Figure 11. The Coffin-Manson curves of the Alloy 617: (a) base metal; (b) weldment specimens at
900 ˝C condition.

Table 1. The Coffin-Manson coefficients of Alloy 617 completed at 900 ˝C and a strain rate of 10´3/s.

Reference εf’ c σf’ (MPa) b E (GPa) n’ K’ (MPa)

Base Metal 6.527 ´1.040 212.4 ´0.017 149 ´0.048 142.5
Weldments 1.120 ´0.958 572.2 ´0.078 149 0.087 613.9

3.4. Fracture Surface Characterization

In order to investigate the failure location and mechanism of Alloy 617, the macro- and
micro-structural analysis of selected specimens, were investigated using SEM along with an EDX
facility, and OM. Figure 12 shows the comprehensive photographs and micrographs of the cracking
and failure location of the Alloy 617 base metal and weldment specimens at 0.6% total strain range.
In this investigation, we observed that the LCF crack initiation sites of Alloy 617 base metal and
weldment fractured specimens illustrate a flat- and a shear-type crack in the free surface, and that LCF
cracking occurred within the gauge section.

   

(a)

    

(b)

Initiation site

Failure location Propagation region

Initiation site Propagation region

Figure 12. Scanning electron microscopy (SEM) and cross-view images of the selected specimens
of Alloy 617 at 900 ˝C condition under LCF testing for (a) base metal; and (b) weldment
specimen, total strain range of 0.6%. (Left to right: Failure location, crack initiation, and crack
propagation regions).
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From Figure 12a, it can be seen that the crack initiation site proceeded in the free surface through
intergranular crack initiation resulting from oxidation of surface connected grain boundaries. It was
found that the major role of reduction in the fatigue life of Alloy 617 base metal was probably generated
from surface carbide oxidation. The LCF failure mechanism on the crack propagation as a result of the
slip band containing extrusions and intrusions led to the propagation of a transgranular nature within
the grain on the specimen surface, and finally at the critical stage, the primary crack is just about to
fail. The LCF resistance of Alloy 617 is not affected by the intergranular creep damage mechanism.
The strengthening of carbides creates a barrier to prevent intergranular creep crack by hindering
grain boundary sliding and avoiding the concentration of stress. All of the base metal primary crack
mechanism propagated in a transgranular nature with some quasi cleavage-facets and secondary
cracks due to higher ductility of grain boundary carbides.

Figure 12b demonstrates that the main crack for weldment specimens was presented in the
weld metal region. However, since the weld metal has a fully austenitic and dendritic structure,
these implications resulted in a strength and hardness much larger than the base, but lower than the
HAZ due to grain boundary strengthening [2]. Especially in the fusion line, or migrated boundary,
it is coupled with their bonding strength and interface connection which prevents the occurrence of
cracking. In fact, the possible weakness of the weld metal as well as the presence of microstructural
heterogeneity, including the residual stress effect due to the welding process, cause a strain localization
in the weld region. Figure 12b also shows the crack propagation of the weldments was followed by
some quasi-cleavage like facets with striations due to the higher strength and lower ductility aside
from the base metal. The formation of quasi-cleavage facets may be induced from the high stress
concentration in the slip planes, thus, generating some cracks through the grains. We found that the
crack initiation of the weldments emerged from a multi-site on the specimen surface, and was oriented
about 45 or 135 degrees according to the loading direction due to the maximum shear stress.

Figure 13 shows the failure mechanism of the weldment specimens occurred due to the slip
band process on the free surface, leading to the formation of a micro-crack within the grain on
the specimen surface, and finally at the critical stage, coalescence of the micro-cracks develop into
the macro-crack and the crack is propagated in transgranular nature across the dendritic structure.
Again, as is seen from Figure 12, the fatigue striations on the weldment specimens are more obvious
than on the base metal. The occurrence of fatigue striations was due to a repeated plastic blunting
sharpening process arising from the slip of dislocations in the plastic zone of the fatigue crack tip [12].
However, the weldments could easily form fatigue striations and undergo quasi-cleavage facets due to
their higher stress-strain interaction and being more brittle than that of the base metal [13].

Figure 13. Typical optical microscopy (OM) images of the Alloy 617 weldment specimen tested
at 900 ˝C, total strain range of 1.2% showing the LCF failure mechanism propagated across the
dendritic structure.

Figure 14 shows typical micrographs of the Alloy 617 base metal crack initiation site. It is
interesting to note that under higher total strain ranges, the reduction in fatigue life of the base
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metal is more clearly acquired, partly from homogenization of the slip process and an increase in
plastic strain generated in the cycle, evidenced by several micro-cracks on the surface. At higher plastic
deformation, this may induce a weak stress response because of more secondary cracks occurring in
the grain boundary. In Figure 14 also indicates the LCF failures are often attended by intergranular
crack initiation resulting from oxidation of surface connected grain boundaries.

(a) (b)

Figure 14. Typical micrographs of the Alloy 617 base metal tested at 900 ˝C, total strain range of
1.2% shows critical damage induced by large plastic deformation, (a) micro-cracks on the surface;
and (b) intergranular crack initiation due to the oxidation process.

The coarse carbide precipitations, Cr-rich M23C6, evolved mainly on the grain boundaries. From in
Figure 15, EDX analysis shows the carbide precipitations from Cr metallic particles. The primary
carbides known as, M6C, with large precipitations were formed in the body of the grain structure.
Also, the secondary carbides (M23C6) were found at the grain boundary. These carbide precipitations
exist from chromium activities maintaining oxide formation on the surface.

 Element Weight% Atomic%
Ca K 0.42 0.38
Ti K 0.32 0.24
Cr K 12.67 8.83
Co K 6.04 3.71
Ni K 56.15 34.67
Mo L 1.65 0.62
O K 22.75 51.54

M6C

M23C6

Figure 15. SEM and energy dispersive X-ray (EDX) examination of the Alloy 617 weldment specimen
tested at 900 ˝C, total strain range of 0.6% demonstrating precipitations formed on the grain boundaries.

On the outer surface, a Cr-rich (mainly Cr2O3) oxide layer was formed owing to Cr diffusion from
the matrix. Surface oxidation is evident owing to prolonged exposure time at very high temperature.
In a previous work [15], it was stated that internal sub layers consisting of (Al-rich and carbides)
were formed by the diffusion of oxygen through the surface oxide and matrix just beneath the Cr2O3

layer. The Cr2O3 layer is of the anion diffusion type, which prevents further diffusion of oxygen.
We believe that transgranular crack propagation is associated with the excellent oxidation resistance
of the Alloy 617, although, the intergranular cracking is initiated and developed by incorporation of
oxidation of the surface connected grain boundaries together with environmentally generated mixed
mode propagation.
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At the end, the final stage where the material no longer holds the applied stress, namely the
failure region, both base metal and weldment specimens exhibit shear, or dimple features. In Figure 16,
SEM and EDX spectrum examination show a failure region of the weldments. However, the weldment
specimens showed less dimple features due to lower ductility properties compared to the base metal.
Furthermore, the EDX examinations show that the dimple features were observed with the occurrence
of dominating metallic precipitations by Cr, Mo, Co, and Ni.

 

Element Weight% Atomic%
Al K 1.40 3.03
Si K 0.68 1.40
Ti K 0.80 0.97
Cr K 23.65 26.48
Fe K 0.59 0.62
Co K 11.05 10.92
Ni K 49.51 49.11
Mo L 12.32 7.48

Figure 16. SEM and EDX examination of the Alloy 617 weldment specimen tested at 900 ˝C, total strain
range of 0.6% refers to the final failure region with some dimples features together with its composition.

4. Conclusions

The LCF tests of Alloy 617 base metal and weldments were conducted at a high temperature of
900 ˝C under four different total strain ranges in air. Under all the testing conditions, the weldment
specimens showed lower fatigue lives compared with the base metal, and also the fatigue lives both of
base metal and weldment specimens were decreased on increasing the total strain range. The overall
cyclic stress response curve of the weldment specimens was higher than that of the base metal.
The weldment specimens exhibited a cyclic hardening behavior during cyclic loadings, whereas the
base metal experienced a cyclic softening induced by solute drag creep as a function of total strain
range. In addition, the Coffin-Manson relationship analysis revealed that the c slope value is equal to
´1.04 and ´0.96 of the Alloy 617 base metal and weldment specimens, respectively.

The failure mechanism for Alloy 617 base metal occurring in the intergranular cracking is
initiated by incorporation of oxidation of surface connected grain boundaries, and propagated in a
transgranular nature., The main crack for weldment specimens presented itself in the weld metal region,
whereas crack initiation emerged from multi-sites and was also oriented at about 45 or 135 degrees
according to the loading direction. The main crack for weldment specimens occurred of a transgranular
nature across the dendritic structure while the propagation area with clear striations was also observed.
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Abstract: Background—The creep-fatigue properties of stainless steel 316 are of interest because of the
wide use of this material in demanding service environments, such as the nuclear industry. Need—A
number of models exist to describe creep-fatigue behaviours, but they are limited by the need
to obtain specialized coefficients from a large number of experiments, which are time-consuming
and expensive. Also, they do not generalise to other situations of temperature and frequency.
There is a need for improved formulations for creep-fatigue, with coefficients that determinable
directly from the existing and simple creep-fatigue tests and creep rupture tests. Outcomes—A
unified creep-fatigue equation is proposed, based on an extension of the Coffin-Manson equation,
to introduce dependencies on temperature and frequency. The equation may be formulated for
strain as εp = C0c

(
T, t, εp

)
N−β0 , or as a power-law εp = C0c (T, t) N−β0b(T,t). These were then

validated against existing experimental data. The equations provide an excellent fit to data (r2 = 0.97
or better). Originality—This work develops a novel formulation for creep-fatigue that accommodates
temperature and frequency. The coefficients can be obtained with minimum experimental effort,
being based on standard rather than specialized tests.

Keywords: creep-fatigue; creep-rupture; unified equation; fatigue model

1. Introduction

The life of nuclear power plants has been a major issue because it strongly relates to safety and
economy [1]. Stainless steel 316 is widely used for the making of components, such as turbine blades
and piping, because of its excellent corrosion resistance.

As the two main fatigue evaluation and design methods in the nuclear industry, the linear damage
rule and the crack growth law have been used for many years. However, microstructural characteristics
lead to imperfect prediction of fatigue failure. The coefficients in these models are obtained from a large
number of experiments, which are time-consuming and expensive for industry to perform. When these
models are employed, the coefficients are normally obtained from specific temperature and frequency,
so these coefficients cannot be used to predict fatigue life in other situations. Therefore, there is a need
to develop a creep-fatigue model that can largely avoid the influence of microstructure, present the
influence of creep effects on fatigue behaviour, and be generalised to other situations of temperature
and frequency. Ideally, the parameters in this model should be easy to obtain from empirical tests with
minimum effort.

In this paper, the strain-form unified creep-fatigue equation and power-law form will be
introduced and will be verified on stainless steel 316. As part of the validation, the simple experimental
methods of extracting coefficients will be presented.

Metals 2016, 6, 219 29 www.mdpi.com/journal/metals
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2. Existing Approaches

In the case of pure fatigue, three general fatigue models are used to predict the fatigue life of this
material: the Basquin equation (Equation (1)) [2], the Coffin-Manson equation (Equation (2)) [3,4] and
Morrow’s energy-based equation (Equation (3)) [5,6].

Δσ

2
= σ′f

(
2Nf

)b
(1)

Δεp

2
= ε′f

(
2Nf

)c
(2)

ΔWP = W ′
f

(
2Nf

)β
(3)

where Δσ is the stress amplitude, σ′f is the fatigue strength coefficient, b is the fatigue strength
exponent, Δεp is the plastic strain amplitude, ε′f is the fatigue ductility coefficient, c is the fatigue
ductility exponent, ΔWp is the plastic energy, W ′

f is the energy coefficient, β is the energy exponent
and Nf is the number of cycles. The coefficients in Equations (1) and (2) can be related through the
compatibility (Equation (4)) [7] and cyclic stress-strain relation (Equation (5)) [8].

K′ =
σ′f(
ε′f
)n′ n′ = b

c
(4)

εp =
(σa

K′
) 1

n′ (5)

where σa is the stress amplitude, K′ is the strain hardening coefficient and n′ is the strain
hardening exponent.

In nuclear power plants, some components which are made of stainless steel 316 are subjected
to fatigue at elevated temperature, at which the mechanism of creep is active. The failure of these
components is caused by the combination of fatigue damage and creep damage. Two major rules are
used to evaluate creep-fatigue life: the linear damage rule and the crack growth law.

2.1. The Linear Damage Rule

The linear damage theory was proposed by Palmgren [9] in 1924; it was further developed by
Miner [10] in 1945 and called the Palmgren-Miner rule. This rule is widely used in the nuclear industry
to design and evaluate the life of nuclear power plants [11–14]. According to this rule, damage can be
calculated through using Equation (6), and the engineering structure fails when D equals 1.

D =
k

∑
i=1

ni
Ni

(6)

where D is the accumulated fatigue damage, k is the number of block loading, ni is the number of
constant amplitude cycles under the ith strain/stress range, and Ni is the number of cycles to fatigue
failure under the ith strain/stress range.

Combined with the creep effects, the total damage is divided into fatigue damage and creep
damage at the elevated temperature (Equation (7)) [15], which shows that the accumulation of fatigue
and creep damage happens at different stages.

D = Df + Dc (7)

where Df is the fatigue damage and Dc is the creep damage.
However, as one of the simplified methods which are used to predict life in the nuclear industry,

the linear damage rule can lead to inaccurate results because of the neglect of loading sequences [13].
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This problem was also realized in other industries. Therefore, many studies were conducted to
improve the accuracy of this rule. For example, Richard and Newmark [16] proposed a power-law
damage rule. Manson [17] demonstrated that failure can still happen when D is less than 1 and
the linear damage rule was modified to double linear damage rule. Although these models can
improve the results, these modifications do not change the character of linear accumulation of
damage. Therefore, when creep is active, the inaccuracy which comes from the linear accumulation
of creep damage and fatigue damage still cannot be solved, because the linear addition of damage
is inconsistent with the microstructural characteristics. To be specific, cyclic strain/stress causes the
slips between lattices, which can lead to the persistent slip bands. These deformations then lead to
cracks. Meanwhile, the damage caused by creep comes from diffusion and dislocation along the grain
boundaries and within the lattice, which leads to the accumulation of voids.

2.2. The Linear Damage Rule

The crack growth law is also used in the nuclear industry to predict fatigue life of some
components [18,19], such as piping and tanks. The crack growth law shows that the fatigue life is the
number of loading cycles which is required to achieve the final crack size, and this process is divided
into two stages: initiation and propagation. Therefore, the total crack size can be presented as the
linear addition of initial crack size and propagative crack size. Normally, the initial crack is identified
as the real crack size in the structures before loading, and the propagative crack (Equation (8)) [19,20]
can be obtained through Paris’s model [21]:

da
dN

= C (ΔJeff)
l (8)

where da
dN is the total crack growth per cycle, ΔJeff is the effective range of J-integral, and C is a material

constant obtained from experiments. When creep is active, the total damage is calculated through the
sum of fatigue and creep crack growth (Equations (9a) and (9b)) [21]:

da
dN

=

(
da
dN

)
f
+

(
da
dN

)
c

(9a)

(
da
dN

)
f
= C (ΔJeff)

l and
(

da
dN

)
c
=
∫ th

0
AC∗qdt (9b)

where
(

da
dN

)
f

is the crack growth per cycle due to cyclic load changes,
(

da
dN

)
c

is the crack growth per

cycle due to hold time, th is the hold time, C∗ is the time-dependent fracture parameter, and l, A and q
are material constants obtained from experiments.

The crack growth law provides a good physical explanation of damage. However, the quantitative
summation between the cracks caused by fatigue and the cracks caused by creep does not consider
the directions of these cracks. This means that two parallel cracks can cause the same damage as
two non-parallel cracks, which is inconsistent with the microstructure, because the angle between
two cracks plays an important role in the total damage.

2.3. Recent Developments towards a Unified Creep-Fatigue Equation

As identified above, the limitations of these methods are that they do not fully accommodate the
observed microstructural characteristics, they require extensive testing to determine the coefficients,
and the results cannot be generalised to other situations of temperature and frequency.

In an attempt to address these problems, Wong and Mai [22] proposed a formalism to
accommodate fatigue and creep-fatigue, which they called a unified creep-fatigue equation
(hereafter WM equation); see Equation (10). The unified creep-fatigue equation takes into account the
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influence of temperature and frequency on fatigue life. This equation was developed by extension of
the Coffin-Manson equation.

εp = C0s (σ) c (T, t) N−β0b(T,t) (10)

where σ is the stress, T is the temperature, t is the cyclic time (1/frequency), C0 is the fatigue ductility
coefficient, β0 is the fatigue ductility exponent, εp is the plastic strain and N is the fatigue life.
The basic premise of the WM formulation is that ‘all fatigue phenomenon are indeed creep-fatigue,
and “pure fatigue” is just a special case of creep-fatigue’ [22]. They reasoned that the Coffin-Manson
equation was “a special case of a unified creep-fatigue equation”.

The general principles of this were shown for the case of SnPb solder [22]. However there are
several issues with the WM formulation. They did not provide the method to get the stress function
s (σ). This means that this unified equation still cannot be used to predict fatigue life. A related issues is
that they assumed that functions c (T, t) and b (T, t) share the same pattern and characteristics, such that
internal coefficients c1/c2 = b1/b2, but no reason was provided for this assumption. Also, the method
of extracting the coefficients of function c (T, t) and b (T, t) was not proposed.

The WM equation has potential, but the concept needs further development. It has not been
applied other than to solder, so its universal applicability is uncertain. There is a need to further
validate or modify and the relationships between the coefficients, or improve the formulation.

3. Methods

3.1. Research Question

The purpose of this paper was to extend and modify the WM unified creep-fatigue
equation. The WM equation provided some helpful initial starting points for the present work.
Firstly, they showed that the creep-fatigue behaviour is negatively influenced by temperature,
frequency and stress. Secondly, the unified creep-fatigue equation could be deduced from the
Coffin-Manson equation and the experimental data of Shi [23] on solder, and the reference condition
could be introduced into this unified equation. Thirdly, function c (T, t) and b (T, t) could be related to
Manson-Haferd parameter, at least numerically.

3.2. Approach

Work in progress towards a further conceptual development has been to show how plastic
strain (εp) may be theoretically related, in the creep-fatigue situation, to conditions at the reference
temperature (Tref) and reference cycle time (tref) at which tests are performed [24]. This line of thinking
results in two forms of the unified creep-fatigue equation. The first form (strain form) represents the
plastic strain as a function of cycle time, number of cycles, and temperature: εp = C0c

(
T, t, εp

)
N−β0 .

The second form (power-law form) does the same, but is simplified to a power-law relationship:
εp = C0c (T, t) N−β0b(T,t). Definitions of variables are provided below.

In this paper both forms are verified by application to stainless steel 316. As part of the validation,
the simple experimental methods of extracting coefficients are presented. The approach is to take
published empirical data for creep rupture tests and creep-fatigue tests. The experimental data for
creep-fatigue are from [25] and the creep rupture data are from [26] for stainless steel 316. From the data
which were obtained at an arbitrary temperature and reference cycle time, we extract coefficients for
the strain-form unified creep-fatigue equation (Section 4.3.1), and validate them through the empirical
data at other conditions (Section 4.3.2). Then, the empirical data at two temperatures and reference
cycle time are used to extract the coefficients for the power-law form (Sections 4.4.1.1 and 4.4.2.1),
and validate it through the empirical data at other conditions (Sections 4.4.1.2 and 4.4.2.2).

The unified creep-fatigue equations were originally developed for solder, a material that is very
different to stainless steel. Results show that the two forms of the unified creep-fatigue equation
provide excellent representation of the stainless steel 316 creep fatigue data. A temperature modified
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Coffin-Manson equation was derived from the combination of the power-law unified creep-fatigue
equation and the frequency modified Coffin-Manson equation.

4. Results: Theory and Calculation

4.1. Introduction to the Unified Creep-Fatigue Equation

At this point, the term “fatigue capacity” needs to be introduced to describe the relation between
pure fatigue and creep. For creep-fatigue, the fatigue capacity is reduced because of the increasing
influence of creep damage. This can be seen in Figure 1: the creep-fatigue curves between pure fatigue
curve and pure creep curve show the residual fatigue capacities, and the reductions are caused by
creeps at different plastic strains/stresses.

Figure 1. The relation between pure fatigue and pure creep.

Therefore, given the contribution of creep to the reduction of fatigue capacity, it is reasonable
that the time-temperature-stress relationship, such as the Sherby-Dorn Parameter (Equation (11)) [27],
the Larson-Miller Parameter (Equation (12)) [28] and the Manson-Haferd Parameter (Equation (13)) [29],
is involved in the unified creep-fatigue equation.

PSD (σ) = te−Q/RT (11)

PLM (σ) = T (logt + C) (12)

PMH (σ) =
T − Ta

logt − logta
(13)

where PSD is the Sherby-Dorn Parameter, PLM is the Larson-Miller Parameter, PMH is the
Manson-Haferd Parameter, Q is the activation energy of the creep mechanism, R is the Boltzmann’s
constant, t is the time, T is the absolute temperature, C is a constant and (logta, Ta) is the point of
convergence of the logt–T lines. Among these three parameters, the Manson-Haferd Parameter is
regarded as the best description of stress-time-temperature relation [30].

It can be found that the unified creep-fatigue equation (Equations (14) and (15)) [24] shows a
linear relationship between T and logt:

εp = C0c
(
T, t, εp

)
N−β0 (14)

with
c
(
T, t, εp

)
= 1 − c1

(
εp
)
(T − Tref)− c2log (t/tref) (T > Tref, t > tref) (15)
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Note that this relationship is consistent with the form of the PMH parameter.
The reference condition refers to the threshold temperature Tref at which creep first occurs

(below this temperature no creep occurs), and cycle time (period) tref (arbitrary set as 1 second
for comparing different data sets). The reference temperature and cyclic time for stainless steel 316
are identified as Tref = 670 K and tref = 1 s. This temperature is 0.4 of the melting temperature and
corresponds to the widely held assumption that below this temperature no creep occurs.

We then determine the plastic strain at reference condition, by transforming Equation (14):

εp,ref = C0N−β0 =
εp

c
(
T, t, εp

) (16)

This transformation would result in all εp: N data reducing into one single εp,ref: N curve if the
creep function (Equation (15)) could describe the influence of creep on fatigue well.

However, the strain form returns an equation that is not power-law. Because power-law relation
is expressed as a straight line on a log-log plot, it can provide an easy and clear way to present
the creep-fatigue behaviours between different temperatures and cyclic times through translation
and rotation. For this reason, the unified creep-fatigue equation is represented as a power-law form
(Equation (17)) [24] through fitting the εp-N data with a power-law relation.

εp = C0c (T, t) N−β0b(T,t) (17)

with
c (T, t) = 1 − c1

(
T − Tre f

)
− c2log

(
t/tre f

)
(T > Tref, t > tref) (18)

b (T, t) = 1 − b1 (T − Tref)− b2log (t/tref) (T > Tref, t > tref) (19)

Then, the plastic strain at reference condition is determined by transforming Equation (17):

εp,ref = C0N−β0 = C0

[
εp

C0c (T, t)

]1/b(T,t)
(20)

This transformation would cause all εp:N data to collapse into one εp,ref:N curve if the creep
function (Equation (18)) and stress function (Equation (19)) could present the influence of creep on
fatigue well.

It can be seen that the unified creep-fatigue equation is restored to the Coffin-Manson equation
at reference condition (Tref, tref), which builds a bridge between pure fatigue and creep fatigue.
The deduction of coefficients (Equations (A1)–(A13)) in the strain-form unified creep-fatigue equation
and power-law form is shown in Appendix A.

Next, the relatively simple methods of obtaining the coefficients will be verified on stainless
steel 316.

4.2. Extracting the Creep-Rupture Properties of Stainless Steel 316

The Manson–Haferd parameter was extracted through plotting creep-rupture data [26] as log
(time) vs. temperature. According to the Manson-Haferd parameter, all logt–T lines at different stresses
should converge to one point, where the temperature is regarded as the Creep Initiation Temperature,
below which no creep occurs. We determine this temperature as 40% of the melting temperature.
This corresponds to the reference temperature. In this case the reference temperature is found to be
Tref = 670 K. At this temperature, the rupture times at different stresses were found. According to
Manson-Haferd parameter, these rupture times should be the same. However, because the accuracy of
experiments is influenced by many factors, such as facilities and environment, the points (rupture time,
reference temperature) at different stresses cannot be collected into one point. Therefore, the average
of these rupture times is employed to define the rupture time at the point of convergence, and the
point of convergence is identified to be (670, 9.54) (shown in Figure 2). The Manson-Haferd parameter
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is stress dependent, and the values are obtained as the inverse of the slope from the fitted lines.
Then, the relationship between Manson-Haferd parameter and stress can be extracted from Figure 2,
and Equation (21) is given through curve-fitting:

− 1
PMH (σ)

= 4.50 × 10−3 + 1.26 × 10−5σ+ 1.70 × 10−7σ2 (21)

Figure 2. The PMH (σ, T, t) parameter of AISI stainless steel 316. Data extracted from [26].

To convert PMH (σ) to PMH (εp), the data of stress, total strain, temperature and Young’s modulus
are extracted from [31]. Because the time of tension tests is much less than the creep-rupture time,
the influence of time (creep) on tension tests can be neglected. The temperature-dependent plastic
strain-stress relationship (Equations (22)–(24)) can be developed through curve-fitting.

εp =

(
σ

K (T)

)1/n(T)
(22)

K (T) = −0.4875T + 769.79 (23)

n (T) = 7.04 × 10−2 + 1.94 × 10−4T − 1.22 × 10−7T2 (24)

Then, substituting Equations (22)–(24) into Equation (21) gives Equation (25):

− 1
PMH

(
εp, T

) = 4.50 × 10−3 + 1.26 × 10−5K (T) ε
n(T)
p + 1.70 × 10−7K (T) ε

2n(T)
p (25)

4.3. Evaluation of the Coefficients of the Strain-Form Unified Creep-Fatigue Equation εp = C0c
(
T, t, εp

)
N−β0

for the Stainless Steel 316 and Validation

4.3.1. Evaluation of Creep-Fatigue Coefficients

Based on the Equations (A1)–(A6) shown in Appendix A, the coefficients of the creep function,
c (T, t, εp), for the stainless steel 316 are established as follows.

Substituting log ta = 9.54 and tref = 1 s into Equation (A2), the coefficient c2 is evaluated as:

c2 =
1

log (ta/tref)
=

1
log (109.54/1)

= 0.105 (26)
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Substituting Equation (26) into Equation (A4), coefficient c1 (σ) and c1 (εp) are
developed respectively:

c1 (σ, T) = 4.73 × 10−4 + 1.32 × 10−6σ (T) + 1.79 × 10−8σ2 (T) (27)

c1
(
εp, T

)
= 4.73 × 10−4 + 1.32 × 10−6K (T) ε

n(T)
p + 1.79 × 10−8K2 (T) ε

2n(T)
p (28)

The fatigue coefficients C0 and β0 of the stainless steel 316 can be extracted from fatigue test at an
arbitrary temperature at the reference cycle time. Selecting the data point (T = 873 K, tref), at which εp

(T = 873 K, tref, N = 1) = 2.1705, Co is extracted through using Equation (A6), which is 2.95, and β0 is

given as 0.663. However, a big error (∑
(

Nf−exp − Nf−equ

)2
= 49.85) is given through comparing

the fatigue life obtained from experiments with the fatigue life obtained from unified creep-fatigue.
Therefore, the C0 is resolved as 0.959 through minimizing the error (0.312).

4.3.2. Validations

Using the fatigue and the creep coefficients evaluated in Section 4.3.1, namely, C0 = 0.959,
β0 = 0.663, c2 = 0.105, and c1 (εp, T) as described by Equation (28), the generated raw fatigue data
(εp–N) obtained from [25] (T = 723 K, 873 K and 973 K) are transformed to the reference condition
(εp,ref–N) through Equation (16). The transformed data are plotted in Figure 3.

Figure 3. Transformed εp,ref-N data of stainless steel 316 using Equation (14) with creep function c (T, t, εp).

Significantly, these data are collected into a power-law curve of εp,ref = 0.9464N−0.632

with the quality of fit as R2 = 0.9715. This good transformation verifies the unified equation,
εp = C0c

(
T, t, εp

)
N−β0 , the form of creep function c (T, t, εp), and the methods of extracting the

fatigue and the creep coefficients. The error between fatigue life from experiments and creep-fatigue
equation is 0.312.

4.3.3. Application

This shows that the mathematical representation provided by the strain-form unified creep-fatigue
equation accommodates the data for multiple temperatures, fatigue life, and plastic strain.

εp = 0.959
[
1 − c1

(
εp, T

)
(T − 670)− 0.105log (t)

]
N−0.663 (29)
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with
c1
(
εp, T

)
= 4.73 ×10−4 + 8.712 × 10−7

× (769.79 − 0.4875T) ε7.04×10−2+1.94×10−4T−1.22×10−7T2
p + 7.797

×10−9 × (769.79 − 0.4875T)2 ε0.1408+3.88×10−4T−2.44×10−7T2
p

(30)

This could be used to determine fatigue life for given plastic strain, temperature and cycle time.
Alternatively, to determine plastic strain by numerical solution of the equation.

4.4. Evaluation of the Coefficients of the Power-Law Unified Creep-Fatigue Equation εp = C0c (T, t) N−β0b(T,t)

for the Stainless Steel 316 and Validation

The fatigue behaviour of stainless steel 316 presents an inflection point at the temperature
of 873 K [25]. Below this temperature, the fatigue life decreases with the increasing temperature,
while, increases above this temperature. Given that the power-law unified creep-fatigue equation is
built on the assumption of continual increasing/decreasing fatigue life with increasing temperature,
the evaluation and validation of the power-law unified creep-fatigue equation are conducted at
two temperature regimes (below 873 K and above 873 K).

4.4.1. Evaluation of Creep-Fatigue Coefficients and Validation below 873 K

4.4.1.1. Evaluation of Creep-Fatigue Coefficients

Based on the Equations (A7)–(A13) shown in Appendix A, the coefficients of c function and b
function for the stainless steel 316 are established as follows.

The creep coefficient c2 is identical as 0.105.
Substituting Equation (18) with the data points (T = 873 K, t = tref) and (T = 873 K, t = 10 s),

where εp (T = 873 K, t = tref, N = 1) = 1.0296 (Equation (A8)) and εp (T = 873 K, t = 10 s, N = 1) = 0.5987
(Equation (A9)), gives C0c2 = 0.4309. Then, C0 is solved as 4.1038. In addition, substituting Equation (19)
with these two data points, where β0b (873 K, t = tref) = 0.663 (Equation (A10)) and β0b (T = 873 K,
t = 10 s) = 0.651 (Equation (A11)), gives β0b2 = 0.012.

Substituting Equation (18) with the data points (T = 723 K, t = tref) and (T = 873 K, t = tref),
where εp (T = 723 K, t = tref, N = 1) = 2.1705 (Equation (A12)) and εp (T = 873 K, t = tref, N = 1) = 1.0296
(Equation (A8)), gives c1 = 0.001853. Then, substituting Equation (19) with these two data points,
where β0b (723 K, t = tref) = 0.634 (Equation (A13)) and β0b (873 K, t = tref) = 0.663 (Equation (A10)),
gives β0 = 0.624 and b1 = −0.00031, then b2 is solved as 0.01924.

The error between the fatigue life from experiments and creep-fatigue equation is 52.88. As shown
in the evaluation of coefficients for strain-form unified creep-fatigue equation, this poor prediction
is caused by the inaccuracy of C0. Therefore, the C0 is resolved as 0.876 through minimizing the
error (0.792).

4.4.1.2. Validations

Using the fatigue and creep coefficients found in Section 4.4.1.1, namely, C0 = 0.876, β0 = 0.624, c1 =
0.001853, c2 = 0.105, b1 = −0.0003094 and b2 = 0.01924, the raw fatigue data (εp–N) obtained from [25]
(T = 723 K and 873 K) are transformed to the reference condition (εp,ref–N) through Equation (20).
The transformed data are plotted in Figure 4, which shows that these data can be collapsed into a
power-law curve of εp,ref = 0.5959N−0.556 with the quality of fit as R2 = 0.9583. This transformation
has verified the unified equation, εp = C0c (T, t) N−β0b(T,t), the form of creep function c (T, t) and
stress function b (T, t), and the methods of extracting the coefficients. The error between fatigue life
from experiments and creep-fatigue equation is 0.792.
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Figure 4. Transformed εp,ref–N data (below 873 K) of stainless steel 316 using Equation (17) with
functions c (T, t) and b (T, t).

4.4.2. Evaluation of Creep-Fatigue Coefficients and Validation above 873 K

4.4.2.1. Evaluation of Creep-Fatigue Coefficients

The data points (T = 873 K, t = tref), (T = 873 K, t = 10 s) and (T = 973 K, t = tref) are selected
to evaluate the coefficients. These coefficients are obtained through the same method shown in
Section 4.4.1.1: C0 = 0.879, β0 = 0.807, c1 = 0.00146, c2 = 0.105, b1 = 0.00088 and b2 = 0.01487.

4.4.2.2. Validations

Using the fatigue and creep coefficients found in Section 4.4.2.1, the raw fatigue data (εp–N)
obtained from [25] (T = 873 K and 973 K) are transformed to the reference condition (εp,ref–N) through
Equation (20). The transformed data plotted in Figure 5, which shows that these data can be collapsed
into a power-law curve of εp,ref = 0.9439N−0.82 with a quality of fit of R2 = 0.9797. This transformation
has verified the unified equation, εp = C0c (T, t) N−β0b(T,t), the form of creep function c (T, t) and
stress function b (T, t), and the methods of extracting the coefficients. The error between fatigue life
from experiments and creep-fatigue equation is 0.300.

Figure 5. Transformed εp,ref–N data (above 873 K) of stainless steel 316 using Equation (17) with
functions c (T, t) and b (T, t).
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4.4.3. Application

The mathematical representation (Equation (31) for below 873 K and Equation (32) for above 873 K)
provided by the unified creep-fatigue equation accommodates the data for multiple temperatures,
fatigue life, and plastic strain. This could be used to determine fatigue life for given plastic strain,
temperature and cycle time. Alternatively, to determine plastic strain by numerical solution of
the equation:

εp = 0.876[2.2415 − 0.001853T − 0.105log (t)]N−0.624[0.7927+0.0003094T−0.01924log(t)]

(T < 873K)
(31)

εp = 0.879[1.9782 − 0.00146T − 0.105log (t)]N−0.807[1.5896+0.00088T−0.01487log(t)]

(T ≥ 873K)
(32)

5. Discussion

5.1. The Moderating Factor

As shown above, C0 in the strain-form unified creep-fatigue equation was obtained from data
point (T = 723 K, tref). However, this result is different from C0 obtained from data point (T = 873 K, tref)
and (T = 973 K, tref). To improve the accuracy of C0, these three data points are used to regress the
magnitude of C0, which is 2.517 (Equation (33)).

εp (T, tref, N = 1) = C′
0 = C0

[
1 − c1

(
C′

0
)
(T − Tref)

]
= 2.517 [1 − 0.00278 (T − Tref)] (33)

At data point (T = 723 K, tref), substituting C′
0 into the Equation (28) cannot yield to 2.1705, and the

magnitude of c1 (2.1705) is bigger than 0.00278. Thus, according to the Equation (27), it appears that
the big contribution of stress leads to higher magnitude of c1 function. Therefore, mathematically,
the amplitude of stress should be compressed in order to reduce the magnitude of c1 (C′

0) into the
result of regression (0.00278). Then, a moderating factor, f, is introduced into Equation 27 to modify
stress, and Equations (27) and (28) can be expressed as:

c1 (σ, f ) = 4.73 × 10−4 + 1.32 × 10−6 fσ+ 1.79 × 10−8 f 2σ2 (34)

c1
(
εp, T, f

)
= 4.73 × 10−4 + 1.32 × 10−6 f K (T) ε

n(T)
p + 1.79 × 10−8 f 2K (T) ε

2n(T)
p (35)

This moderating factor is solved as 0.69, and C0 is given as 0.846 through minimizing the
error (0.276).

Using the fatigue and the creep coefficients, namely, C0 = 0.846, β0 = 0.663, c2 = 0.105, c1 (εp,T, f )
as described by Equation (35) and f = 0.69, the generated raw fatigue data (εp–N) obtained from [25]
(T = 723 K, 873 K and 973 K) are transformed to the reference condition (εp,ref–N) through Equation (16).
The transformed data are plotted in Figure 6.

Figure 6 illustrates how the transformed data are collected into a power-law curve of
εp,ref = 0.6633N−0.592 with the quality of fit R2 = 0.9759. The error between fatigue life from
experiments and creep-fatigue equation is 0.276. Comparing this result with the transformation
in Section 4.3.2 shows that the introduction of moderating factor can provide a better description of
creep effect through c1 function and prediction of creep-fatigue behaviour.

The research conducted by Gary shows that the stress vs. creep rupture time curves under cyclic
loading lie above the curves under constant loading [32]. This means that cyclic stress is higher than
constant stress at the same rupture time. Because c1 function is based on the time-temperature relation
under constant stress (Manson-Haferd parameter), the creep effect is enlarged when the cyclic stress is
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imposed. Therefore, it is reasonable to introduce a moderating factor to compress the cyclic stress to
an equivalent constant stress.

Figure 6. Transformed εp,ref–N data of stainless steel 316 using Equation (14) with creep function
c (T, t, εp) and moderating factor.

5.2. The Heat Treatment

Heat treatment can change fatigue behaviour through hardening or softening.
However, stainless steel 316 cannot be hardened by heat treatment, and this is proved by [33],
where fatigue life changes slightly between aged condition and annealed condition [33]. This makes
the unified creep-fatigue equation more universal for stainless steel 316 under different heat treatments.
For example, the creep-fatigue data of aged stainless steel obtained from [33] (T = 839 K and 922 K)
and quenched stainless steel 316 obtained from [25] (T = 723 K, 873 K and 973 K) can be collected into
one power-law curve εp,ref = 0.6533N−0.588 with a quality of fit of R2 = 0.9827 (Figure 7).

Figure 7. Transformed εp,ref–N data of quenched and aged stainless steel 316 using Equation (14) with
creep function c (T, t, εp).
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Although the unified creep-fatigue equation shows a good universality for stainless steel 316
under different heat treatments, the potential limitation for this equation still cannot be ignored.
For example, this strong influence of heat treatment on fatigue life is shown on Inconel 718, and the
aged condition can provide better fatigue strength than annealed condition [33]. Therefore, if the
unified creep-fatigue equation is imposed on Inconel 718, the coefficients obtained at one specified
heat treatment condition cannot be used to predict the fatigue life of this material under other heat
treatments. This is an opportunity for future development of the formulation.

5.3. Reliability

The proposed new equations were validated against existing experimental data in the literature.
The equations provide an excellent fit to data (r2 = 0.97 or better). This demonstrates that the equations
provide the desired level of fidelity to the original experimental data.

The validation only can show these selected data follow the unified creep-fatigue equation, but
not all data. Hence it is important to consider the degree of reliability. In this section, the strain-form
unified creep-fatigue equation was used to explore the reliability.

The fatigue life, temperature and strain rate are defined as random variables, and then 100 random
creep-fatigue data points (plastic strain vs. fatigue life) were derived from [25] and the Coffin-Manson
equation. These random data then were transformed into a reference condition through Equation (16).
The transformation of 10 sets of random data (1000 data points) shows that these creep-fatigue data
can collapse into almost one straight line at log-log scale (two of them are shown in Figure 8) with
the quality of fit R2 = 0.975–0.985. This transformation based on random data has further verified the
unified equation, εp = C0c

(
T, t, εp

)
N−β0 and the form of creep function c (T, t, εp).

Figure 8. Transformed εp,ref–N data of stainless steel 316 using Equation (14) with creep function
c (T, t, εp) and random variables. Data shown are for two of ten sets, as evidence of a consistent
transformation process.
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5.4. The Initial Proposal of Creep-Fatigue-Equation-Based Temperature Modified Coffin-Manson Equation

Frequency modified Coffin-Manson equation can be expressed as Equation (36) [34]:

Δεp = C0

[
Nf νk−1

]m
(36)

where ν is the frequency, and k and m are the constant determined by experiments. Comparing this
equation with the conventional Coffin-Manson equation (Equation (2)), the Nf νk−1 can be
defined as the frequency modified fatigue life. Similarly, comparing the unified creep-fatigue
equations (Equations (14) and (17)) with the conventional Coffin-Manson equation (Equation (2)),[
c
(
T, t, εp

)]−1/β0 N and [c (T, t)]−1/β0b(T,t) N can be defined as the temperature-frequency modified
fatigue life (creep-fatigue life). If we get rid of frequency effect from the unified creep-fatigue
equations, the creep-fatigue life (Nf−creep+fatigue) can be transformed to temperature modified fatigue
life (Nf−temp) through Equation (37), then the temperature modified Coffin-Manson equation could be
developed through this transformation.

Nf−temp = Nf−creep+fatigue·νk−1 (37)

Because c1 function in the strain-form unified creep-fatigue equation related to time-temperature
relation, it is difficult to remove the frequency effect from this function. Therefore, the power-law
unified creep-fatigue equation is used to develop the temperature modified Coffin-Manson equation
(Equation (38)) through removing the frequency-related items and transforming creep-fatigue life to
temperature modified fatigue life.

εp = C0 [1 − c1 (T − Tref)] Nf−temp
−β0[1−b1(T−Tref)] (38)

Based on the creep-fatigue data [25], the coefficients of this equation are evaluated (shown in
Table 1). Then, using the coefficient shown in Table 1, the generated raw fatigue data (εp–N) obtained
from [25] (T = 723 K, 873 K and 973 K) are transformed to the reference condition (εp,ref–N) through
Equation (16). The transformed data at “723 K and 873 K”, and “873 K and 973 K” are plotted in
Figures 9 and 10 respectively.

Table 1. The coefficients of Equation (38).

Temperature Regimes C0 c1 β0 b1 k

723 K–873 K 1.997 0.002955 0.62375 −0.000309 723 K: 0.728 873 K: 0.758
873 K–973 K 2.452 0.002668 0.80713 0.00088 873 K: 0.758 973 K: 0.873

Figure 9. Transformed εp,ref–N data (below 873 K) of stainless steel 316 using Equation (17).
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Figure 10. Transformed εp,ref–N data (above 873 K) of stainless steel 316 using Equation (17).

Figures 9 and 10 show that the creep-fatigue data below 873 K and above 873 K can be
collapsed into power-law curves of εp,ref = 1.9832N−0.622 with the quality of fit as R2 = 0.9439
and εp,ref = 3.2424N−0.851 with the quality of fit as R2 = 0.9783 respectively. The errors between
fatigue life from experiments and creep-fatigue equation for these two temperature regimes are 0.814
and 0.294. This transformation has verified the creep-fatigue-equation-based temperature modified
Coffin-Manson equation.

5.5. Application and Future Research

The results have provided a derivation of the equations and the methods for determining the
coefficients. While this may appear mathematically complex, it is a necessary feature of the work as it
provides reproducibility and assists other researchers in applying and adapting the work.

The implications for practitioners, e.g., nuclear industry, are given in Sections 4.3.3 and 4.4.3, using
the two forms of the unified creep-fatigue equation. The equations are provided for stainless steel 316
and encapsulate the data for multiple temperatures, fatigue life, and plastic strain. In application, the
equation might be used to determine fatigue life for given conditions (plastic strain, temperature and
cycle time), or to determine acceptable plastic strain for a given life and other conditions.

6. Conclusions

The following major results were obtained:
(1) The strain-form unified creep-fatigue equation: εp = C0c

(
T, t, εp

)
N−β0 and power-law form:

εp = C0c (T, t) N−β0b(T,t) have been verified on stainless steel 316, and the methods of extracting the
fatigue and the creep coefficients by limited creep-fatigue tests and creep rupture tests have been
presented. The equations are efficient as they represent a whole range of conditions, in contrast to some
other formulations which have to be calibrated separately for each set of environmental conditions.

(2) A moderating factor is introduced into the unified creep-fatigue equation to compress
the amplitude of cyclic stress, and leads to a more reasonable result than the situation without
moderating factor.

(3) The reliability of this unified creep-fatigue equation is verified through random variables.
(4) The creep-fatigue equation-based, temperature-modified Coffin-Manson equation is proposed,

and this equation is validated through transforming raw data to the reference condition.
(5) However, there is a potential limitation. For the materials whose fatigue behaviour is strongly

influenced by heat treatment, the coefficients obtained from one specific material condition cannot be
used to predict the fatigue life of the same material at material conditions. This is identified as an area
for future development of the theory.
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Appendix A

A1. The Coefficients in the Strain-Form Unified Creep-Fatigue Equation

At pure creep-rupture condition, plastic strain εp = 0, then c function can be presented as:

c (T, t,σ) = 1 − c1 (σ) (TR − Tref)− c2 (σ) log (tR/tref) = 0 (A1)

where TR is rupture temperature and tR is rupture time. According to Manson-Haferd Parameter
(Equation (8)), the creep occurs at the point of convergence. At this point, TR = Ta = Tref and tR = ta,
then Equation (A1) can be deduced to Equation (A2):

c2 =
1

log (ta/tref)
(A2)

This equation shows that c2 is independent of stress/strain, and it can be obtained through creep
rupture test.

In addition, creep rupture also occurs at the reference cyclic time, where t = tref, then Equation (A1)
can be deduced to Equation (A3):

c1 (σ) =
1

TR − Tref
(A3)

The Manson-Haferd Parameter shows the gradients of T vs. logt curves at different stresses,
and keeps constant at one specific stress. The Manson–Haferd Parameter can be regarded as a
function of stress PMH (σ). When the stress is converted into plastic strain through Ramberg-Osgood
relation, the T vs. logt curves at different strains become nonlinear, and the Manson-Haferd
Parameter is presented as the gradient of tangents at one specific strain and temperature. In this
case, the Manson-Haferd Parameter can be shown as a function of strain and temperature PMH

(
εp, T

)
.

Invoking the Manson–Haferd Parameter (Equation (8)) and Equations (A2) and (A3) can be
reduced to Equation (A5):

c1 (σ) = − c2

PMH (σ)
= − c2

PMH
(
εp, T

) (A4)

Then, the c function can be defined through Equations (A2) and (A4):

c
(
T, t, εp

)
= 1 +

T − Tref

PMH
(
εp, T

)
Δlog (ta/tref)

− log (t/tref)

log (ta/tref)
(A5)

If plastic strain is expressed as C′
0 when N = 1 and t = tref, Equation (14) can be presented as:

C0
[
1 − c1

(
C′

0
)
(T − Tref)

]
= εp (T, tref, N = 1) = C′

0 (A6)

Because C′
0 can be obtained from a single fatigue test performed at an arbitrary temperature and

reference cyclic time, C0 can be solved numerically. Meanwhile, β0 also can be evaluated from this
single fatigue test.

A2. The Coefficients in the Power-Law Unified Creep-Fatigue Equation

In Equation (18), the coefficient c2 can be evaluated through Equation (A2).
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When N = 1, Equation (17) can be represented as:

εp (T, t, N = 1) = C0 [1 − c1 (T − Tref)− c2log (t/tref)] (A7)

The coefficient C0 can be extracted through performing fatigue tests at one arbitrary
temperature (T1) at tref and one arbitrary cyclic time (t1). Substituting these fatigue data into
Equation (A7) gives Equations (A8) and (A9), then C0 can be solved.

εp (T, tref, N = 1) = C0 [1 − c1 (T1 − Tref)] (A8)

εp (T, t1, N = 1) = C0 [1 − c1 (T − Tref)− c2log (t1/tref)] (A9)

The same fatigue experiments performed for the magnitude of C0 can be used to extract β0b2

through Equations (A10) and (A11)

β0b (T1, tref) = β0 [1 − b1 (T1 − Tref)] (A10)

β0b (T1, t1) = β0 [1 − b1 (T1 − Tref)− b2log ( t1/tref)] (A11)

Next, another set of fatigue testes at another arbitrary temperature (T2) at tref is performed to
obtain coefficient c1. When N = 1 and t = tref, Equation (17) can be represented as:

εp (T, tref, N = 1) = C0 [1 − c1 (T2 − Tref)] (A12)

The combination of Equation (A8) and (A12) gives –C0c1, then c1 can be solved.
In addition, when T = T2 and t = tref, the exponent of the power-law unified creep-fatigue equation

can be represented as:
β0b (T, t) = β0 [1 − b1 (T2 − Tref)] (A13)

The combination of Equations (A10) and (A13) gives β0 and b1. Then β0 can be used to solve b2.
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Abstract: The [233] coplanar double-slip-oriented Cu single crystals were pre-fatigued up to a
saturation stage and then uniaxially tensioned or compressed to fracture. The results show that
for the specimen pre-fatigued at a plastic strain amplitude γpl of 9.2 × 10−4, which is located
within the quasi-plateau of the cyclic stress-strain (CSS) curve, its tensile strength and elongation are
coincidently improved, showing an obvious strengthening effect by low-cycle fatigue (LCF) training.
However, for the crystal specimens pre-fatigued at a γpl lower or higher than the quasi-plateau region,
due to a low pre-cyclic hardening or the pre-induction of fatigue damage, no marked strengthening
effect by LCF training occurs, and even a weakening effect by LCF damage takes place instead.
In contrast, the effect of pre-fatigue deformation on the uniaxial compressive behavior is not so
significant, since the compressive deformation is in a stress state more beneficial to the ongoing plastic
deformation and it is insensitive to the damage induced by pre-cycling. Based on the observations
and comparisons of deformation features and dislocation structures in the uniaxially deformed [233]
crystal specimens which have been pre-fatigued at different γpl, the micro-mechanisms for the effect
of pre-fatigue on the static mechanical behavior are discussed.

Keywords: Cu single crystal; coplanar double slip; pre-fatigue deformation; plastic strain amplitude;
tensile behavior; compressive behavior; dislocation structure

1. Introduction

The mechanical degradation of materials will gradually occur during the process of their service
due to fatigue deformation and damage accumulation. Therefore, it is extremely significant to explore
the influencing mechanisms of pre-fatigue deformation on the mechanical properties of materials.
Recently, there have been some investigations on the effect of pre-fatigue on the uniaxial deformation
behavior of some metallic polycrystals, e.g., 6061-T6 aluminum alloy [1,2], AISI 4140T steel [1,2],
304 austenitic stainless steel [3], and commercially pure Al [4,5]. However, the microstructural
complexities in those polycrystalline materials will undoubtedly preclude a distinct elucidation
of the micro-mechanism for the pre-fatigue effect on the static mechanical behavior. In this sense,
single crystals of high-purity metals would actually be more suitable materials for such investigations.

Quite recently, we investigated the effect of fatigue pre-deformation at different plastic strain
amplitudes, γpl, on the uniaxial tensile behavior of the [017] critical double-slip-oriented Cu single
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crystal, and found that a low-cycle fatigue training treatment on this crystal at an appropriate
plastic strain amplitude (γpl = 7.0 × 10−4) could effectively improve its static tensile properties; this
phenomenon is called the strengthening effect by low-cycle fatigue training [6]. Actually, the dislocation
structures induced by fatigue deformation are quite different, strongly depending upon the
crystallographic orientation (especially for double-slip orientations) [7–9]. As differently-oriented Cu
single crystals are adopted for fatigue pre-deformation treatments, the induced dislocation structures
are different; in this case, it is important to know how the corresponding static mechanical properties
will change. In light of this, the [233] coplanar double-slip-oriented Cu single crystal was selected
for the present study, focusing on the effect of fatigue pre-deformation at different γpl on its uniaxial
tensile and compressive properties. Our previous work has demonstrated that the cyclic stress-strain
(CSS) curve of the [233] coplanar double-slip-oriented Cu single crystal shows a stress quasi-plateau
over the γpl range of 3.0 × 10−4–2.0 × 10−3 [10], and the fatigue dislocation structures consist mainly
of dislocation cells, the size of which decreases with increasing γpl [11,12]. In this way, the effect of
dislocation cell structures induced by pre-fatigue on the static mechanical properties of Cu single
crystals can be exclusively examined.

2. Experimental Section

Cu single crystal was grown from oxygen free high conductivity (OFHC) copper of 99.999% purity
by the Bridgman method. The fatigue specimens with a gauge section of 7 mm × 5 mm × 16 mm
and 70 mm in length were spark-machined from the as-grown crystal. All specimens are oriented
towards [233], and the Laue back-reflection technique was used to determine the orientation of the
specimen. Before fatigue tests, all specimens were annealed at 800 ◦C for 2 h in vacuum, and then
electro-polished to produce a strain-free and smooth surface. Symmetric tension-compression fatigue
pre-deformation tests were performed at room temperature in air using a Shimadzu servo-hydraulic
testing machine (Shimadzu, Kyoto, Japan). A triangular waveform signal with a frequency range
of 0.05–0.4 Hz was used for the constant plastic strain control. The plastic resolved shear strain
amplitude γpl and shear stress τ were calculated by γpl = Δεp/2Ω and τ = σΩ, where Δεp/2 is the
axial plastic strain amplitude, Ω the Schmid factor of primary slip system and σ is an average value of
the peak stresses in tension and compression. The crystal specimens were firstly pre-cycled at different
plastic strain amplitudes ranging from 1.3 × 10−4 to 5.3 × 10−3 up to the occurrence of saturation.
The pre-fatigue testing conditions and data are listed in Table 1. After pre-fatigue tests, the fatigue
specimens were spark-machined into the tensile specimens with a gauge section of 5 × 2 × 16 mm3

and 70 mm in length. The specimens were then polished electrolytically and subjected to tensile
deformation to a final fracture at a strain rate of 10−3·s−1. After tensile tests, the surface deformation
characteristics of these specimens were observed by using a SSX-550 scanning electron microscope
(SEM, Shimadzu, Kyoto, Japan, and the dislocation structures were observed by using a Tecnai G2 20
transmission electron microscope (TEM, FEI, Hillsboro, OR, USA) operated at 200 kV. TEM thin foils
were first spark-cut from the gauge part (homogeneous deformation region near the fracture) of the
fractured specimens, then mechanically thinned down to dozens of micron thick and finally polished
by a conventional twin-jet method.

Table 1. Pre-fatigue testing conditions and data for the [233] Cu single crystal [10]. Note that γpl is
the plastic strain amplitude, N is the cyclic number, γpl,cum is the cumulative plastic strain (=4Nγpl),
and τs is the saturation stress.

γpl N γpl,cum τs, MPa

1.3 × 10−4 65,000 33.8 25.0
3.4 × 10−4 32,000 43.5 30.1
9.2 × 10−4 12,000 43.5 31.7
3.5 × 10−3 4700 65.8 33.5
5.3 × 10−3 10,200 216.2 35.4
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3. Results and Discussion

3.1. Effect of Pre-Fatigue on the Tensile and Compressive Properties

Figure 1 shows the tensile and compressive stress-strain curves of [233] Cu single-crystal
specimens unfatigued (only annealed) and pre-fatigued at different γpl, and the CSS curve of this
oriented crystal [10] is also reproduced here to clearly show the location of the applied γpl in the
curve. It is apparent that there is an effect of pre-cycling, to a different extent, on the tensile or
compressive yield strength and the ultimate tensile strength of the crystal, depending on the γpl
imposed in pre-cycling.

Figure 1. (a) CSS curve of [233] Cu single crystals [10]; (b) the tensile and (c) compressive stress-strain
curves of [233] Cu single crystals unfatigued and pre-fatigued at different plastic strain amplitudes.

From Figure 1b it can be seen that, compared to the unfatigued specimen, the yield strength
slightly increases but the tensile strength and elongation basically remain unchanged for the specimens
pre-fatigued at two low γpl of 1.3 × 10−4 and 3.4 × 10−4, which are located below the quasi-plateau
region in the CSS curve (Figure 1a). As the pre-fatigue strain amplitude, e.g., 9.2 × 10−4, is exactly
located in the quasi-plateau region in the CSS curve, both strength and elongation are coincidently
improved. As γpl increases to 3.5 × 10−3, which is beyond the quasi-plateau region in the CSS curve,
the yield and tensile strengths and elongation become comparable to those of the unfatigued specimen.
With further increasing γpl to 5.3 × 10−3, both strength and elongation decrease obviously, and even
become much lower than those of the unfatigued specimen. Accordingly, only when the crystal is
pre-fatigued at an intermediate γpl of 9.2 × 10−4, the strengthening effect due to low-cycle fatigue
training is the most notable.

From Figure 1c one can see that the general rule for the effect of pre-cycling on the compressive
mechanical properties (e.g., compressive yield strength and flow stress) is basically similar to the tensile
case (Figure 1b); however, the difference in the compressive properties of the specimens pre-cycled at
different γpl is not so noticeable as compared to the difference in tensile properties.

49



Metals 2016, 6, 293

3.2. Deformation Features on the Surface

Figures 2 and 3 present the essential surface deformation features of the unfatigued
and pre-fatigued [233] Cu single-crystal specimens under tensile and compressive
deformation, respectively.

Only a few slip bands appear in some regions and distribute inhomogenously on the specimen
surface after pre-cycling at γpl ≤ 3.4 × 10−4 [10], indicating that strain hardening induced by
pre-cycling is not significant in this case, so that the tensile properties of the specimens pre-fatigued at
these low γpl are nearly not improved as compared to those of the unfatigued specimen (Figure 1b).
Correspondingly, the tensile deformation features indicated by Figure 1a–c are almost similar. It should
be mentioned that [233] is a coplanar-slip orientation, i.e., the primary and secondary slip planes are
the same plane (111); thus only single-oriented slip bands can be generally observed on the surface
under pre-fatigue and tensile deformation (Figure 2a–c).

As γpl increases to 9.2 × 10−4, a few deformation concentration regions, i.e., deformation bands
(DBs), are formed, and the formation of such preliminary DBs may cause a notable cyclic hardening
but does not bring about an obvious damage [10], and therefore, the working hardening capacity
during subsequent tension is enhanced, as evidenced by the co-operation of the conjugate slip system
(111)[011] under tensile deformation (Figure 3d). Therefore, the tensile strength has been improved.
It should be mentioned here that it is unnecessary for the operation of the conjugate slip system to
accommodate plastic strain during pre-fatigue deformation [10]. Furthermore, the inducement of such
preliminary DBs by pre-cycling should be beneficial to the subsequent tensile plastic deformation
along these concentrated bands, so the tensile ductility (or elongation) is also somewhat increased
(Figure 1b).

 

Figure 2. SEM images of the surface deformation features of unfatigued or pre-fatigued [233] Cu single
crystals under uniaxial tension: (a) unfatigued; (b–f) pre-fatigued at γpl = 1.3 × 10−4, 3.4 × 10−4,
9.2 × 10−4, 3.5 × 10−3, and 5.3 × 10−3, respectively. (a,b,e,f) viewed from (6 9 13); and (c,d) viewed
from (6 9 13). Note that the loading direction is horizontal.
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Figure 3. SEM images of the surface deformation features of unfatigued or pre-fatigued [233] Cu single
crystals under uniaxial compression: (a) unfatigued, (b–f) pre-fatigued at γpl = 1.3 × 10−4, 3.4 × 10−4,
9.2 × 10−4, 3.5 × 10−3, and 5.3 × 10−3, respectively. (a,e,f) viewed from(6 9 13); and (b–d) viewed
from (320). Note that the loading direction is horizontal.

However, at high strain amplitudes (γpl ≥ 3.5 × 10−3), many highly concentrated DBs are formed
and severe fatigue damage has been introduced [10], so that the subsequent tensile properties cannot be
effectively enhanced. In particular, when γpl is as high as 5.3 × 10−3, the induced permanent damage in
the form of densely distributed DBs becomes extremely notable [10], thus causing a greatly detrimental
effect on the subsequent tensile properties, i.e., the strength and ductility decrease obviously to much
lower values than those of other specimens. Correspondingly, the density of slip bands is relatively low
and, also, the conjugate slip system (111)[011] is not activated (Figure 2e,f) after the tensile deformation
of those specimens pre-fatigued at high γpl.

Compared to the case of tensile deformation, the stress state under compressive deformation
is much more beneficial to the continuation of plastic flow deformation. Therefore, the secondary
(conjugate) slip system (111)[011] is commonly activated under compression (Figure 3).
Furthermore, the subsequent compressive deformation behavior is not so sensitive to the damage
induced by pre-cycling, so that the deformation features are basically similar for all the specimens
unfatigued or pre-fatigued at different γpl, as shown in Figure 3, and no marked difference in the
relevant compressive stress-strain curves is manifested (Figure 1c).

3.3. Dislocation Structures

Figure 4 shows the tensile dislocation structures of [233] Cu single crystals unfatigued or
pre-fatigued at different γpl, where g is the diffraction vector and B is the incident beam. It is found that
the dislocation structures of those specimens unfatigued or pre-fatigued at low γpl of 1.3 × 10−4 and
3.4 × 10−4 are typically featured by dislocation cells (Figure 4a–c); however, for pre-fatigued specimens,
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the cell walls are relatively loose and the average cell diameter is ~0.5 μm (as representatively shown
in Figure 4b,c), indicating that the plastic strain accommodated during the tensile process of specimens
pre-fatigued at low γpl is not so high, and their strain-hardening abilities are thus basically equivalent
to that of the unfatigued specimen (Figure 1b). As the pre-fatigue strain amplitude γpl increases
to 9.2 × 10−4, the dislocation density of the cell walls becomes obviously increased, and the cell
diameter reduces to ~0.3 μm (Figure 4d), showing a stronger strain-hardening ability of the specimen
pre-fatigued at such a γpl (Figure 1b). As γpl further increases to higher values of 3.5 × 10−3 or
5.3 × 10−3, the dislocation cells become loose again, and the average cell diameter is increased to
0.6–0.7 μm (Figure 4e,f). Our previous work [11,12] has revealed that the fatigue dislocation structures
of [233] Cu single crystals were mainly composed of dislocation cells, the size of which decreased with
increasing γpl. Moreover, as γpl ≥ 3.5 × 10−3, the configuration of fatigue-induced dislocation cells
exhibited a characteristic of a persistent slip band (PSB) ladder-like structure, and these dislocation
cells were thus called PSB cells, showing a severe strain concentration and deformation damage [11,12].
In this way, during the subsequent tensile deformation, the serious strain concentration will easily
occur at these PSB cells, thus leading to an earlier fracture failure at a lower tensile flow stress and
strain levels (Figure 1b). In general, as shown in Figures 1b and 4, the strength values increase with the
decreasing cell diameter; this phenomenon is consistent with the general relation of saturation stress
vs. dislocation cell size for fatigued Cu single crystals [13].

 

Figure 4. TEM images of dislocation configurations of unfatigued or pre-fatigued [233] Cu single
crystals under uniaxial tension: (a) unfatigued, B = 113; pre-fatigued at (b) γpl = 1.3 × 10−4, B = 112;
(c) γpl = 3.4 × 10−4, B = 011; (d) γpl = 9.2 × 10−4, B = 111; (e) γpl = 3.5 × 10−3, B = 011;
and (f) γpl = 5.3 × 10−3, B = 111.
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Figure 5 shows the compressive dislocation structures of [233] Cu single crystals unfatigued or
pre-fatigued at different γpl. The dislocation structure of the unfatigued specimen consists of equiaxed
dislocation cells (Figure 5a). For the pre-fatigued specimen at γpl = 1.3 × 10−4, the dislocation
cells become very loose (Figure 5b), and the relevant compressive flow stress is low (Figure 1c).
As γpl increases to 3.4 × 10−4 and 9.2 × 10−4, the dislocation density of cell walls increases greatly,
and the compressive plastic flow undergoes relatively high stress levels (Figure 1c). It means that the
strain-hardening ability can be somewhat improved after the [233] Cu single crystal was pre-fatigued
at these two γpl, although such an improvement is not as obvious as the case of tensile deformation.
As γpl increases to 3.5 × 10−3, the dislocation structure is featured by some loose dislocation cells
(Figure 5e), corresponding to a decreased compressive flow stress (Figure 1c). As γpl = 5.3 × 10−3,
the compressive dislocation structure becomes regularly arranged equiaxed dislocation cells (Figure 5f);
however, the compressive flow stress level is not high, but at the lowest level (Figure 1c). Therefore, it is
inferred that some of the equiaxed dislocation cells induced by pre-fatigue deformation [12] may be
retained in the crystal subjected to subsequent compressive deformation, as shown in Figure 5f.

 

Figure 5. TEM images of dislocation configurations of unfatigued or pre-fatigued [233] Cu single
crystals under uniaxial compression: (a) unfatigued, B = 111; pre-fatigued at (b) γpl = 1.3 × 10−4,
B = 011; (c) γpl = 3.4 × 10−4, B = 101; (d) γpl = 9.2 × 10−4, B = 111; (e) γpl = 3.5 × 10−3, B = 011;
and (f) γpl = 5.3 × 10−3, B = 011.

As is well known, the equal-channel angular pressing (ECAP) technique has recently become one
of the most frequently used mechanical processing methods to produce ultrafine-grained (UFG)
materials by introducing intensive plastic strain into materials after repetitive pressing [14,15].
It should be mentioned that the term “ultrafine-grained”, widely used by the ECAP community,
sometimes (e.g., UFG pure Cu) represents a microstructure comprising very fine, highly misoriented
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dislocation cells or subgrains [16–19]. Such ultrafine-celled (the cell diameter is around some hundred
nanometers) microstructures produced by the ECAP severe plastic deformation technique normally
exhibit an extraordinarily high strength but are followed by a great loss of ductility, although a
subsequent, controlled short-term annealing treatment might cause a joint enhancement of strength
and ductility [20]. In contrast, the cell structure developed under fatigue deformation is well recognized
to be a typical type of heterogeneous dislocation distribution, and high-symmetry orientations,
low friction stress, large deformation and the easy operation of cross slip favor the formation of
dislocation cell structures [21]. For the present [233] orientation, dislocation reactions between
the primary and coplanar slip systems produce the third Burgers vector contained in the same
(111) plane, i.e., (a/2)[101] + (a/2)[110] → (a/2)[011]. The produced dislocation (a/2)[011] is also
glissile in the common primary slip plane (111). Such a dislocation reaction would promote the
much easier formation of slightly misoriented dislocation cells during fatigue deformation [11,22],
and the cell diameter is also around some hundred nanometers depending upon the applied strain
amplitude [11,12]. Apparently, the dislocation cell structures directly produced by fatigue cycling
are more uniformly distributed and the dislocation density is relatively lower compared with UFG
microstructures. Accordingly, under the prerequisite that no obvious pre-damage is introduced,
the inducement of such a uniformly distributed low-dislocation-density cell structure through an
appropriate pre-fatigue deformation treatment may, more or less, improve the static strength and
ductility together, e.g., pre-fatigue at γpl = 9.2 × 10−4 in the present work. This phenomenon is
normally called strengthening by low-cycle fatigue (LCF) training.

4. Conclusions

The effect of pre-fatigue deformation at different plastic strain amplitudes on the monotonic
tensile and compressive deformation behavior of the [233] coplanar double-slip-oriented Cu single
crystal was experimentally investigated. The following conclusions can be drawn:

(1) As the [233] crystal specimen is pre-fatigued at a plastic strain amplitude γpl of 9.2 × 10−4,
which is located within the quasi-plateau of the CSS curve, its tensile strength and ductility can be
coincidently improved, showing an obvious strengthening effect by LCF training, since uniformly
distributed dislocation cell structures have been reasonably introduced by pre-fatigue cycling.
In contrast, for the crystal specimens pre-fatigued at γpl lower or higher than the quasi-plateau
region, due to a low pre-cyclic hardening or pre-induction of fatigue damage, there is no marked
strengthening effect by LCF training, and a weakening effect by LCF damage occurs.

(2) The general rule for the effect of pre-fatigue deformation on the uniaxial compressive behavior
follows a similar pattern as the case of uniaxial tension, but such an effect is not so significant,
since the stress state under compressive deformation is much more beneficial to the continuation
of plastic flow deformation and the compressive deformation behavior is insensitive to damage
induced by pre-cycling.
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Abstract: Most existing methods for estimation of cyclic yield stress and cyclic Ramberg-Osgood
stress-strain parameters of steels from their monotonic properties were developed on relatively
modest number of material datasets and without considerations of the particularities of different steel
subgroups formed according to their chemical composition (unalloyed, low-alloy, and high-alloy
steels) or delivery, i.e., testing condition. Furthermore, some methods were evaluated using the same
datasets that were used for their development. In this paper, a comprehensive statistical analysis and
evaluation of existing estimation methods were performed using an independent set of experimental
material data compriseding 116 steels. Results of performed statistical analyses reveal that statistically
significant differences exist among unalloyed, low-alloy, and high-alloy steels regarding their cyclic
yield stress and cyclic Ramberg-Osgood stress-strain parameters. Therefore, estimation methods
were evaluated separately for mentioned steel subgroups in order to more precisely determine
their applicability for the estimation of cyclic behavior of steels belonging to individual subgroups.
Evaluations revealed that considering all steels as a single group results in averaging and that
subgroups should be treated independently. Based on results of performed statistical analysis,
guidelines are provided for identification and selection of suitable methods to be applied for the
estimation of cyclic stress-strain parameters of steels.

Keywords: estimation methods; monotonic properties; cyclic stress-strain parameters; Ramberg-Osgood;
steel grouping; statistical analysis

1. Introduction

Development of computer technology and CAE software solutions have enabled performing
complex simulations of material and product behavior under cyclic loading and fatigue life
determination already during early stages of product development process. In recent years,
rapid increases in computing power and availability of distributed and cloud-based resources have
been seen. Within short time frame, complex simulations can be run for multiple materials. An example
of these are strain-based, i.e., local strain-life fatigue, analyses which have been widely adopted
in automotive, aeronautic, and power industry for fatigue life predictions of highly-loaded steel
and aluminium components [1,2]. In order to perform these analyses, both cyclic stress-strain
and strain-life fatigue curves and parameters that define them must be known. Well-accepted and
widely used representation of stress-strain response of the majority of metallic materials is the cyclic
Ramberg-Osgood (R-O) equation [3,4]:
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For determination of lifetime in both low-cycle and high-cycle regime, Coffin-Manson-Basquin
(C-M-B) [4,5] approach is applied:

Δε

2
=

Δεe

2
+

Δεp

2
=

σ′f
E
(2Nf)

b + ε′f(2Nf)
c (2)

In Equations (1) and (2) Δε, Δεe and Δεp are true total, elastic and plastic strain ranges, respectively,
Δσ is true stress range, E is Young’s modulus, K′ is cyclic strength coefficient, and n′ is cyclic strain
hardening exponent. Furthermore, σf

′, εf
′, b and c are fatigue strength and ductility parameters

obtained from fully reversed tension-compression fatigue tests.
Cyclic R-O and C-M-B parameters obtained through material testing are most accurate, but are

very often unavailable due to long time and high costs associated with experimental characterization.
Existing test results which are available in literature and materials databases often do not sufficiently
correspond to the actual material under consideration. Hence, it has become common practice
to estimate cyclic R-O and C-M-B parameters of the material from its monotonic properties early
during product development. For estimation of C-M-B fatigue parameters from monotonic properties
of materials, many methods have been developed [5–8] and evaluated in literature [9]. To the
contrary, for estimation of cyclic R-O parameters of materials, only a limited number of methods
are proposed [10–13]. For estimations of cyclic yield stress Re

′ and R-O parameters (K′ and n′) various
monotonic properties and their combinations are used, with ultimate strength Rm and yield stress Re

being the most common since they are readily available. Detailed overview of monotonic properties
used for estimation of cyclic parameters of metallic materials and systematic study of their relevance
for estimation purposes is provided in [14].

No independent and systematic evaluations of these methods can be found in the literature,
the only ones available being those performed in respective papers where methods were proposed.

The main aim of this paper is to provide detailed analysis and evaluation of existing methods
for estimation of cyclic yield stress Re

′ and cyclic stress-strain parameters K′ and n′ from monotonic
properties. For this purpose, a large and independent set of material data was collected from relevant
sources. Since previous investigations [15–17] confirmed that dividing steels into different subgroups
might improve estimation accuracy, this will also be taken into consideration. One-way Analysis of
Variance (one-way ANOVA) and post hoc Tukey’s test will be performed in order to check whether
individual steel groups are statistically different regarding their cyclic parameters Re

′, K′ and n′. If such
differences are confirmed to exist, in addition to evaluation of existing methods for all steels together,
partial evaluations for each steel subgroup will be performed as well.

2. Overview of Existing Methods for Estimation of Cyclic Stress-Strain Parameters

2.1. Methods for Estimation of Cyclic Yield Stress Re
′

Li et al. [11] originally proposed estimation of cyclic yield stress Re
′ of steels from ultimate strength

Rm and reduction of area at fracture RA. Equation (3) was developed using monotonic and cyclic
properties of 27, mostly unalloyed and low-alloy steels:

R′
e = (1 + RA)Rm

(
− 0.002

ln(1 − RA)

)0.16
(3)

Evaluation of proposed expression is performed on the same data used for developing the method,
and is reported that estimated values of Re

′ deviate at most 14% from their experimental counterparts.
Lopez and Fatemi [12] developed a number of relationships between Brinell hardness (HB or

monotonic properties and cyclic yield stress Re
′ of steels. These were developed and validated on

a relatively large number of steels consisting mostly of unalloyed and low-alloy steels, covering a wide
variation of chemical composition and mechanical properties, with ultimate stress Rm ranging from
279 to 2450 MPa and hardness from 80 to 595 HB. Materials were divided according to ultimate
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strength to yield stress ratio Rm/Re, since it was shown that such division improves the accuracy of
cyclic parameters estimation. Ratio Rm/Re was originally proposed by Smith et al. [18] to be used for
prediction of cyclic behavior (hardening, softening, stable behavior) of materials. Correspondingly,
authors proposed a number of separate expressions for estimation of Re

′ depending on value of Rm/Re

of which the most successful ones are:

R′
e = 0.75Re + 82 for Rm/Re > 1.2 (4a)

R′
e = 3.0 × 10−4R2

e − 0.15Re + 526 for Rm/Re ≤ 1.2 (4b)

Additionally, single expression for all steels, regardless of the value of Rm/Re is also proposed:

R′
e = 8.0 × 10−5R2

m + 0.54Rm. (5)

Values of coefficient of determination R2 for expressions (4a), (4b) and (5) were 0.88, 0.99, and 0.94
respectively. Evaluation was performed on a single dataset comprising data used for developing
expressions and additional data (all together 121 materials, mostly unalloyed and low-alloy steels).
It was established that 84% of estimated values of Re

′ from yield stress Re (Equations (4a) and (4b))
deviate up to ±20% from experimental values while 79% of values of Re

′ estimated from ultimate
strength Rm (Equation (5)) deviated up to ±20% from experimental values.

Motivated by findings from [12] that Equation (3) always underestimates cyclic yield stress Re
′

when experimental value of Re
′ exceeds 900 MPa, Li et al. [13] recently modified Equation (3) to:

R′
e = 0.089(1 + RA)1.35Rm

1.35 ×
(
− 0.002

ln(1 − RA)

)0.216
+ 120 (6)

resulting in rather high coefficient of determination R2 = 0.961. Analysis was performed on the majority
of data used in [12]. For evaluation, data used for developing Equation (6) was complemented with
additional data. Results showed that most values of Re

′ estimated from Equation (6) deviate up to 20%
from their experiment-based counterparts. It must be noted that [11] and [13] suggest that values of
true fracture strength σf can be calculated using the expression:

σf = Rm(1 + RA) (7)

which is recognizable as first part of Equations (3) and (6). However, a well-known approximation of the
relationship between ultimate strength Rm and true fracture stress σf, recommended by Manson [5,9] is:

σf = Rm(1 + εf) (8)

Therefore, caution is advised when applying expressions (3) and (6) for estimation of not only
cyclic yield stress Re

′, but also cyclic parameters K′ and n′ that will be discussed later in Section 2.2.

2.2. Methods for Estimation of Cyclic Parameters K′and n′

Zhang et al. [10] proposed several equations for estimation of K′ and n′ based on 22 steels,
aluminium (Al), and titanium (Ti) alloys. For this purpose, materials were divided by value of
so-called new fracture ductility parameter α:

αf = RA × εf = −RA ln(1 − RA) (9)

proposed in [19]. Expressions were proposed for estimation of K′ and n′, Equation (10) through
Equation (11c), when strength coefficient K and strain hardening exponent n are available:

K′ = 57K0.545 − 1220 (10)
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n′ = 1.06n
(

1 + β

∣∣∣∣1 − Rm
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∣∣∣∣
)

for α < 5% or 10% ≤ α < 20% (11a)

n′ = 1.06n
(
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∣∣∣∣1 − σf
Rm
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)

for 5% < α < 10% (11b)

n′ =
Rp0.2

σf − Rm
n for α > 20% (11c)

and Equation (12a) through Equation (13c) when K and n are not available:

K′ = 57
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0.545

− 1220 for α < 5% or 10% ≤ α < 20% (12a)

K′ = 57

⎛
⎜⎜⎜⎝

σfRp0.2

Rm
εf

−
log (

σf
2

Rp0.2Rm
)

2 log(500εf)

⎞
⎟⎟⎟⎠

0.545

− 1220 for 5% < α < 10% or α > 20% (12b)

n′ = 1.06
(

1 + β

∣∣∣∣1 − Rm

Rp0.2

∣∣∣∣
) log

(
Rm

2σf
3

Rp0.2
5

)

3 log(500εf)
for α < 5% or 10% ≤ α < 20% (13a)

n′ = 1.06
(

1 + β

∣∣∣∣1 − σf
Rm

∣∣∣∣
) log

(
σf

2

Rp0.2Rm

)
2 log(500εf)

for 5% < α < 10% (13b)

n′ =
Rp0.2

σf − Rm

log
(

σf
2

Rp0.2Rm

)
2 log(500εf)

for α > 20% (13c)

For both methods, parameter β = 1 for σf/Rp0.2 < 1.6 and β = −1 for σf/Rp0.2 > 1.6. As most
successful expressions authors proposed estimation of K′ based on strength coefficient K (Equation (10))
and estimation of n′ based on ultimate strength Rm, yield stress Re, true fracture stress σf and strain
hardening exponent n (Equation (13a) through Equation (13c), depending on value of α). For steels,
values of K′ and n′ estimated in such a way deviated up to 27% and 34%, respectively, from their
experiment-based counterparts. Data tables with percentage deviation for aluminium and titanium
alloys suggest even larger deviations of estimates of n′ (up to 65%). They also suggested that, for stress
amplitudes Δσ/2 calculated from estimated values of K′ and n′, besides percentage deviation of
particular parameter, sign of deviation is also significant. If sign of deviations of K′ and n′ is the same,
calculated and experimental cyclic stress-strain curves are in good agreement.

In [12], besides expressions for estimation of Re
′, Lopez and Fatemi developed several

relationships between Brinell hardness HB or monotonic properties and cyclic parameters K′ and n′

of steels. Steels are divided into two subgroups according to the value of the Rm/Re ratio (as was
the case for estimation of cyclic yield stress Re

′) and different expressions are proposed accordingly.
Equations (14a) and (14b) are denoted as most successful:

K′ = 1.16Rm + 593 for Rm/Re > 1.2 (14a)

K′ = 3.0 · 10−4R2
m + 0.23Rm + 619 for Rm/Re ≤ 1.2 (14b)

n′ = −0.37 log
(

0.75Re + 82
1.16Rm + 593

)
for Rm/Re > 1.2 (15a)

n′ = −0.37 log
(

3.0 × 10−4R2
e − 0.15Re + 526

3.0 × 10−4R2
m + 0.23Rm + 619

)
for Rm/Re ≤ 1.2 (15b)
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Authors provided coefficients of determination R2 only for expressions (14a) and (14b). It is worth
noting that R2 of expressions proposed for estimation of K′ for steels with Rm/Re > 1.2 is 0.75 which is
significantly lower than 0.90 obtained for steels with Rm/Re ≤ 1.2. About 73% values of K′ estimated
using Equations (14a) and (14b) deviate less than ±20% from their experimental values. As for n′,
percentage of values estimated from Equations (15a) and (15b) that deviate less than ±20% from their
experiment-based counterparts is around 60%.

Lopez and Fatemi [12] proposed additional expression for estimation of n′ valid for all steels:

n′ = −0.33(Re/Rm) + 0.40 (16)

for which R2 obtained was 0.79. Percentage of values of n′ estimated from Equation (16) that deviated
up to ±20% from experimental values was 68%.

Both methods proposed in [12] for estimation of n′ provide reasonably good results, so in further
evaluations in this paper, both methods will be taken into account: first using Equation (14a) through
Equation (15b), and second using Equations (14a), (14b) and (16).

Li et al. [13] proposed expressions for estimation of cyclic parameters K′ and n′:

K′ = 500n′
R′

e (17)

n′ = log(K′)− log(R′
e)

log 500
(18)

where Re
′ is estimated using Equation (6). However, Equations (17) and (18) can be used only when

either K′ or n′ are available, so in the same paper an alternative method for estimation of these
parameters was proposed. Cyclic strength coefficient K′ should be estimated using Equations (19a),
(19b) or (19c) first, then cyclic strain hardening n′ exponent is calculated from estimated values of K′.

K′ = 2.16 · 10−4(Rm)2.1 + 738 for Rm/Re ≤ 1.2 (19a)

K′ = 3.63 · 10−4(Rm)2 + 0.68Rm + 570 for 1.2 < Rm/Re < 1.4 (19b)

K′ = 1.21Rm + 555 for Rm/Re ≥ 1.4 (19c)

Equation (19a) through Equation (19c), when used in combination with Equation (18),
yielded reasonable results with most of estimated values of K′ deviating up to ±20% from experimental
values. Obtained coefficients of determination R2 for Equation (19a) through Equation (19c) decrease
with higher values of Rm/Re, which is in accordance with findings from [12]. R2 obtained for steels with
Rm/Re ≤ 1.2 is 0.921, while for steels with 1.2 < Rm/Re < 1.4 and Rm/Re ≥ 1.4 coefficients of determination
are R2 = 0.813 and R2 = 0.712, respectively. Again, caution is advised when using Equation (18) due to
the suggested way of estimating Re

′ that was already discussed at the end of Section 2.1.

2.3. Conclusions

A review of methods for estimation cyclic parameters shows that sets of material data on
which most of them were developed and evaluated differ significantly regarding their size and
material groups included. In this sense, they can still be considered adequate with the exception of
expressions for estimation of K′ and n′ proposed in [10] which were developed using a quite small
and heterogeneous set of material data (22 datasets for steels, aluminium and titanium alloys) and
expression for estimation of Re

′ proposed in [10] which was developed using only 27 steel datasets.
In an attempt to further improve estimation accuracy, most methods address steels separately from

other kinds of metallic materials [11–13] and all methods divide materials into separate subgroups
using different criteria [10,12,13]. For this purpose, Zhang et al. [10] used new fracture ductility
parameter α that was originally developed to predict materials’ cyclic behavior [10,19]. Lopez and
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Fatemi [12] and Li et al. [13] divided steels into two, i.e., three subgroups according to the ratio of
ultimate strength to yield stress Rm/Re.

Lack of general consensus regarding the treatment of individual material subgroups as well as
different methodologies for evaluation of estimation methods implemented in their respective papers
makes comparison of their performance quite difficult. In order to determine which estimation method
is most suitable for estimation of cyclic parameters of steels, systematic and consistent evaluation of
presented methods will be performed on an independent set of material data.

Different delivery, i.e., testing conditions of material, can be obtained for example through different
processing method or heat treatment and this can strongly impact both monotonic and cyclic/fatigue
material properties and behavior [5,20]. This is an important aspect which none of the discussed methods
takes into account directly. One of the possible reasons is a multitude of conditions of steel materials
which were used for development of these methods, particularly in [12,13]. For certain materials, such
information, even if available, was of a rather general nature (for example heat treated, modified, etc.).

In practice, steels are commonly divided according to the content of alloying elements into
unalloyed, low-alloy and high-alloy steels. Already Baümel and Seeger [6] considered unalloyed
and low-alloy steels separately from other metallic materials when they developed Uniform Material
Law for estimation of C-M-B parameters. Hatscher et al. [8] also mentioned the prospect of such
division for estimation of fatigue C-M-B parameters. Results of detailed analysis performed on a large
number of material data done by Basan et al. [15] showed that there is statistically significant difference
among individual C-M-B fatigue parameters as well as strain-life behavior (Δε–2Nf relationships)
of unalloyed, low-alloy and high-alloy steels. Also, preliminary investigations on cyclic parameters
in [16,17] showed that dividing steels by alloying content could result in more accurate estimations of
cyclic parameters and hence, more accurate estimations of cyclic stress-strain curves of materials.

For that reason, statistical analysis of steel subgroups (unalloyed, low-alloy and high-alloy
steels) will be performed in order to determine if their cyclic parameters differ significantly.
If confirmed, individual steel subgroups will be taken into account during evaluation and comparison
of estimation methods.

3. Methods and Data

3.1. Methods for Statistical Analysis

To test whether statistically significant differences exist among experimental data for cyclic
yield stress Re

′ and cyclic stress-strain parameters K′ and n′ of unalloyed, low-alloy and high-alloy
steels, one-way Analysis of Variance (one-way ANOVA) is performed. One-way ANOVA is a
technique that provides a statistical test of whether or not means of several (typically three or more)
groups are all equal. If results obtained by one-way ANOVA show that statistically significant
difference exists between cyclic parameters of analyzed groups, post hoc analysis by Tukey’s multiple
comparison method will be performed in order to determine pairwise differences between groups.
Significance level α for one-way ANOVA is set to 0.05, while overall significance (family error rate)
in Tukey’s multiple comparison test is set to 0.05 to counter type I error for a series of comparisons.
Procedure for both one-way ANOVA and Tukey’s multiple comparison test are given in [21]. Statistical
analyses were performed in statistical package MINITAB [22].

To evaluate predictive accuracy of estimation methods and to facilitate their comparison,
deviations of estimated values from their experimentally obtained counterparts were used as relevant
indicators. Deviations up to ±10, ±20 and ±30% were used as in [12,13] to facilitate comparison with
results reported there. Instead of directly comparing estimated Ramberg-Osgood parameters K′ and
n′ to their experiment-based counterparts as in [12,13], much more useful information regarding the
predictive accuracy of these methods can be obtained by comparing values of stress amplitudes Δσ/2,
i.e., points on cyclic stress-strain curves as in [10,16,17]. Therefore, values of stress amplitudes Δσ/2
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were calculated using experimental values of K′ and n′ and their estimations for series of total strain
amplitudes Δε/2: 0.1, 0.2, 1 and 2%.

3.2. Data to Be Analyzed

Experimental data for three representative groups of steels: unalloyed (UA), low-alloy (LA) and
high-alloy (HA) steels from [6] and [23] were obtained through the MATDAT Materials Properties
Database [24]. Only results of strain-controlled, fully reversed (R = −1) axial cyclic tests performed in
the air at room temperature were considered. Furthermore, only data for materials tested at more than
four different strain amplitudes and at range of total strain amplitudes larger than 0.4% were used in
the analysis.

Only datasets that contained all experimental values of monotonic properties needed for
estimation of cyclic parameters by each method were used. An exception was made with the high-alloy
steel group. Since most datasets did not contain values of true fracture stress σf which is necessary for
calculation of parameters by Zhang et al. method [10], values were calculated by their relationship
between ultimate strength Rm and true fracture strain εf, according to Equation (8). Also, if a dataset
contained only reduction of area at fracture RA, true fracture strain εf was calculated by the relationship
between these two properties:

εf = − ln(1 − RA) (20)

In total, 34 unalloyed steels, 47 low-alloy steels and 35 high-alloy steel datasets were available
for analysis. Wide variety of conditions resulting from different processing and heat treatment were
present in materials used for statistical analysis and evaluation of existing methods. This is consistent
with datasets used for development of methods in their respective papers.

Detailed material data are given in Appendix A in Tables A1–A3. Data used for statistical analysis
in [14] were complemented with values of true fracture strain εf. Additionally, data for high-alloy
steels were complemented with values of true fracture stress σf, strength coefficient K and strain
hardening exponent n since those are required so that evaluations of particular existing methods could
be performed.

4. Analysis and Results

4.1. Results of One-Way ANOVA and Tukey’s Multiple Comparison Test

Performing one-way ANOVA for three cyclic parameters (Re
′, K′ and n′) of unalloyed, low-

and high-alloy steel subgroups showed that statistically significant differences exist between steel
subgroups regarding cyclic yield stress Re

′ (F(2, 113) = 32.25; p < 0.05), cyclic strength coefficient K′

(F(2, 113) = 22.61; p < 0.05), and cyclic strain hardening exponent n′ (F(2, 113) = 72.00; p < 0.05).
Since steel subgroups were confirmed to be significantly different regarding their cyclic parameters

Re
′, K′ and n′, post hoc Tukey’s test was performed to determine which subgroups are mutually

different. Results showed that unalloyed and low-alloy steels as well as low-alloy and high-alloy steels
differ significantly regarding the cyclic yield stress Re

′. No such difference was determined between
unalloyed and high-alloy steels. Statistically significant difference was also found for cyclic strength
coefficient K′ of unalloyed and high-alloy steels, as well as low-alloy and high-alloy steels, while no
such difference was found between unalloyed and low-alloy steels. Cyclic strain hardening exponent
n′ differs between pairs of all three groups.

4.2. Evaluation of Methods for Estimation of Cyclic Yield Stress Re
′ and Ramberg-Osgood Parameters K′ and

n′ of Steels

Since unalloyed, low-alloy and high-alloy steels subgroups were proved to be significantly
different, steel subgroups will be considered separately for evaluation of estimation methods.
Evaluation will also be made for all steels as a single group to check for differences between results of
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analyses performed on individual subgroups and to enable comparison and determination of potential
discrepancies with results reported in original papers.

Methods for estimation of cyclic yield stress Re
′ and R-O parameters K′ and n′ of steels whose

predictive accuracy will be evaluated are listed in Table 1. For every material, expressions for estimation
of cyclic yield stress Re

′ and R-O parameters K′ and n′ will be used according to ranges defining the
applicability of the models regarding criteria for grouping of materials in original papers (new fracture
ductility coefficient α, ultimate strength to yield stress ratio Rm/Re).

4.2.1. Evaluation of Methods for Estimation of Cyclic Yield Stress Re
′

Percentages of values of Re
′ estimated according to selected methods (Table 1) that deviate up to

10%, 20% and up to 30% from experiment-based values were calculated and are given in diagrams on
Figure 1.

Table 1. Methods for estimation of Re
′ and K′ and n′ which will be evaluated.

Evaluated
Value Method Estimated

Parameters Originally Proposed for Equation
Number

Re
′

Lopez and Fatemi 1 [12] Re
′ steels divided by Rm/Re (4a,b)

Lopez and Fatemi 2 [12] Re
′ all steels (5)

Li et al. [13] Re
′ all steels (6)

Δσ/2

Zhang et al. 1 [10]
(K and n available)

K′ steels, Al and Ti alloys (10)
n′ steels, Al and Ti alloys divided by α (11a,b,c)

Zhang et al. 2 [10]
(K and n not available)

K′ steels, Al and Ti alloys divided by α (12a,b)
n′ steels, Al and Ti alloys divided by α (13a,b,c)

Lopez and Fatemi 1 [12] K′ steels divided by Rm/Re (14a,b)
n′ steels divided by Rm/Re (15a,b)

Lopez and Fatemi 2 [12] K′ steels divided by Rm/Re (14a,b)
n′ all steels (16)

Li et al. [13]
K′ steels divided by Rm/Re (19a,b,c)
n′ steels divided by Rm/Re (18)

Figure 1. Percentage of Re
′ values estimated by selected methods that deviate up to 10%, 20% and 30%

from experiment-based values.

Reasonable results are obtained for All steels group with about 70%–80% of data deviating up to
20% from their experimental counterparts for each method.

For unalloyed steels, for each method about 80%–90% of estimates of cyclic yield stress Re
′ deviate

up to 20%, while all estimates fall within ±30% deviation from corresponding experimental values.
Highest percentage of data that deviate only up to 10% is obtained by Lopez and Fatemi 2 (about 70%).

For low-alloy steels, results obtained using any of the three selected methods were even
more accurate than for unalloyed steels. Best results for estimation of Re

′ of low-alloy steels are
obtained using Lopez and Fatemi 1 method, for which all estimates deviate 20% or less from their
experiment-based counterparts.
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As for high-alloy steels, no method proved to be sufficiently accurate. Lopez and Fatemi 1
provides reasonable results with about 70% of estimated data deviating up to 20%, although 20% of
data deviate more than 30% from experimental values. Estimations made by other two methods result
with less than 50% of estimates deviating below 30% from experimental values (below 40% by Li et al.).

4.2.2. Evaluation of Methods for Estimation of Ramberg-Osgood Parameters K′ and n′ of Steels

As was explained in Section 3.1, accuracy of estimates of Ramberg-Osgood parameters K′ and n′

will be determined by evaluating values of stress amplitudes Δσ/2 calculated using estimated K′ and
n′ opposed to those obtained using experimental values of those parameters.

Percentages of estimated values of Δσ/2 as calculated by selected methods (Table 1) that deviate
up to 10%, 20% and up to 30% from experiment-based values are given in Figure 2.

Figure 2. Percentage of Δσ/2 values estimated by selected methods that deviate up to 10%, 20% and
30% from experiment-based values.

Results obtained using Lopez and Fatemi 1 and Li et al. method for estimation of K′ and n′ both
provide very good results for estimation of stress amplitudes Δσ/2 of unalloyed steels, with over 90%
of data deviating 20% or less from experimental values. For both methods, all estimates of Δσ/2 for
unalloyed steels fall within ±30% deviation from experimental values, with Li et al. method providing
as much as 75% of data within ±10% deviation.

The same methods yield even better results for low-alloy steels, with more than 80% of data
deviating up to 10% from experiment-based counterparts. Although somewhat less accurate than
previous two, Lopez and Fatemi 2 method also provides very good results for estimation of Δσ/2 of
low-alloy steels.

Both methods by Zhang et al. gave significantly inferior results for both unalloyed and low-alloy
steel subgroups. For unalloyed steels, by either method, only about 50% of data deviate 20% or less
from experimental values, while about one-third of data deviate more than 30% from corresponding
experimental values. Results are somewhat better for low-alloy steels, with a higher percentage of
data deviating 20% or less from experimental values (about 65%). Still, only 75% of estimates obtained
using both methods by Zhang et al. deviate less than 30% from experimental values.

As for high-alloy steels, no method provided estimates on the level of accuracy observed for
unalloyed and low-alloy steels. Results obtained using either method by Lopez and Fatemi are the
most acceptable, with around 75% of values estimated using Lopez and Fatemi 1 deviating less than
20%. Estimations by Li et al. resulted in more than 35% of data deviating more than 30% from
experimental values, while the most inaccurate results were obtained by either of Zhang et al. methods.
More than half of the estimates obtained by these methods deviate at least 30% from corresponding
experimental values.
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Overall evaluation for all steels provided averaged results as was the case for estimates of Re
′.

Lopez and Fatemi 1 method is the most accurate while both Zhang et al. methods are least successful,
as was the case for individual steel subgroups.

5. Discussion

Estimation methods investigated in this paper were developed on datasets comprising all
steels [11–13], and even some other groups of metallic materials (steels, aluminium and titanium
alloys) [10]. However, in order to improve accuracy of estimations, most methods propose some
criterion for grouping of materials. In [12,13] authors divided steels by rather easily available Rm/Re

ratio. In [10], grouping criteria used was the new fracture ductility parameter α, which is cumbersome
to use since true fracture stress εf or reduction of area RA needed for its calculation are often unavailable.

Much more usable, and often encountered in practice, is division of steels by their alloying content
into unalloyed, low-alloy and high-alloy steels. It was shown in [6,8,15–17] that dividing steels in this
manner contributes to improvement of estimations of steel behavior from monotonic properties of
steels. Results of analysis performed in Section 4.1 confirmed that statistically significant differences
exist between cyclic yield stress Re

′ and cyclic parameters K′ and n′ of mentioned group of steels.
According to these findings, authors propose evaluation of existing methods for estimation of Re

′, K′

and n′ to be performed for each group individually, in addition to all steels together.
For estimation of Re

′, K′ and n′ of both unalloyed and low-alloy steels, methods by Lopez and
Fatemi [12], and by Li et al. [13] provide very good results. However, estimations for high-alloy steels
are notably worse, especially those obtained using the Li et al. method which is not surprising since both
methods are developed on the same set of data, consisting mostly of unalloyed and low-alloy steels.

Values of K′ and n′ estimated with two methods developed by Zhang et al. [10], are generally
unsatisfactory and provide poor results for all steel subgroups, especially high-alloy steels. This can be
attributed to the fact that methods were developed on a modest number (22) of heterogeneous data
(steels, aluminium and titanium alloys). Another drawback of methods proposed by Zhang et al. are
intricate expressions requiring monotonic properties which are often unavailable, especially during
the early stages of product development.

Evaluations of existing methods in original references are performed for all materials together.
Also, in some cases, evaluation of existing methods is performed on the same sets of data that were
used for development of the method—a practice which can be considered less than objective.

Results of evaluations strongly depend on structure and amount of data available.
Proposed consideration of individual subgroups provides valuable additional information.
Figure 3 shows that, although methods by Lopez and Fatemi and Li et al. are suitable for all steels,
individual results for unalloyed and low-alloy steels are even better.

Figure 3. Percentage of estimates of Δσ/2 deviating up to 30% from experimental values.
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As mentioned earlier, this was expected since the similar set of data, consisting of mostly unalloyed
and low-alloy steels, was used in both papers. If only results for all steels group were observed,
information about lower accuracy for high-alloy steels would go unnoticed, particularly for the
method by Li et al. This example shows how evaluations of estimation methods performed for all
steels together could be misinterpreted due to averaging.

Table 2 provides recommended methods for estimation of cyclic parameters of each group
of steels, noting that great care is advised when estimating cyclic parameters of high-alloy steels.
Ordinal number preceding the method indicates suggested selection priority. In cases where multiple
methods are given without order simpler methods requiring a smaller number of monotonic properties
(such as methods by Lopez and Fatemi) might be preferred.

Table 2. Recommended methods for estimation of cyclic yield stress Re
′ and cyclic parameters K′ and

n′ of steels.

Steel Subgroup Estimation of Re
′ Estimation of Δσ/2 (K′, n′)

Unalloyed steels Li et al. 1. Li et al.
Lopez and Fatemi 2 2. Lopez and Fatemi 1

Low-alloy steels
1. Lopez and Fatemi 1 Lopez and Fatemi 1

2. Li et al. Lopez and Fatemi 2
3. Lopez and Fatemi 2 Li et al.

High-alloy steels Lopez and Fatemi 1 Lopez and Fatemi 1

6. Conclusions

Available methods for estimation of cyclic yield stress Re
′ and cyclic stress-strain parameters K′

and n′ of steels and their applicability to individual steel subgroups and to steels as a general group
were studied. A large, independent set of steel data was collected in order to perform the study as
it was shown that number and type of materials used for development of estimation methods have
significant influence on their performance and evaluation results.

Statistically significant differences were determined to exist among unalloyed, low-alloy and
high-alloy steels regarding their cyclic stress-strain behavior and parameters. Such division of steels
based on their content of alloying elements is also commonly encountered in practice, so it was used
for performed evaluation of studied estimation methods.

Comparison of values of stress amplitudes Δσ/2 calculated using experimental and estimated
cyclic parameters (K′ and n′) is proposed as a more suitable criterion for evaluation instead of direct
comparison of corresponding individual cyclic parameters Re

′, K′ and n′.
Having all steels in a single group for evaluation purposes causes significant averaging of the

results so unalloyed, low-alloy and high-alloy steels were treated separately. Considerable differences
were determined in accuracy and applicability of different methods for different steel subgroups.

For estimations of Re
′ of unalloyed and low-alloy steels methods proposed by Li et al. and

Lopez and Fatemi were found to provide very good results, while for high-alloy steels, only the
method dividing steels by Re/Rm ratio proposed by Lopez and Fatemi provides reasonably accurate
estimates. The method for estimations of K′ and n′ of unalloyed steels proposed by Li et al. gives the
best estimates followed closely by the Lopez and Fatemi method which considers the Re/Rm ratio.
For low-alloy steels, both methods by Lopez and Fatemi and the method by Li et al. provide excellent
results. Of all methods, only the method proposed by Lopez and Fatemi considering the Re/Rm ratio
can be considered for use with the high-alloy steels group.

Estimation accuracy of all studied methods for Re
′, K′ and n′ was notably lower for high-alloy

steels in comparison to other two subgroups, which can be attributed to the fact that high-alloy steels
were found to be underrepresented in material datasets used for development of estimation methods.
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Appendix A

Detailed material data used for analysis in this paper are given in Tables A1–A3.

Table A1. Monotonic and cyclic properties for unalloyed steels [6,23,24].

Material Designation Monotonic Properties Cyclic Parameters
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1038 (SAE) 207,000 347 610 1.758 55.5 511 0.071 956 0.590 332 1207 0.208
Armco (other) 210,000 207 359 1.734 64 675 0.285 653 1.030 280 858 0.18

C 20 190,000 224 414 1.848 70 330 0.061 953 1.190 239 1050 0.238
C 10 217,510 435 566 1.301 68 659 0.073 1205 1.130 463 1381 0.176

Ck 15 196,793 263 392 1.490 55 711 0.224 746 0.806 249 824 0.193
Ck 15 204,500 320 434 1.356 67.5 394 0.067 848.7 1.126 269 813 0.178
Ck 15 202,000 431.3 615.2 1.426 54 598 0.045 1011.7 0.776 492 1296 0.156
Ck 15 203,000 660 828 1.255 2.6 863 0.042 850.5 0.026 687 1165 0.085
Ck 25 210,000 346 507 1.465 63 926 0.264 1027 0.994 280 1345 0.252
Ck 25 210,000 307 464 1.511 65 924 0.276 982 1.050 278 1111 0.223
Ck 25 210,000 366 527 1.440 60 1033 0.264 997 0.916 303 1217 0.224
Ck 35 210,000 414 617 1.490 58 1216 0.258 1150 0.868 328 1355 0.229
Ck 35 210,000 394 593 1.505 62 1168 0.257 1169 0.968 333 1460 0.238
Ck 35 210,000 396 565 1.427 63 1134 0.264 1134 0.994 316 1534 0.254
Ck 35 210,000 587 780 1.329 67 1356 0.186 1514 1.109 463 1106 0.14
Ck 35 210,000 480 656 1.367 74 1196 0.207 1468 1.347 393 1033 0.156
Ck 35 210,000 596 733 1.230 71 1170 0.152 1541 1.238 447 1027 0.134
Ck 35 210,000 542 730 1.347 68 1311 0.2 1473 1.139 430 1087 0.149
Ck 35 210,000 513 669 1.304 70 1121 0.18 1417 1.204 387 1081 0.165
Ck 45 206,000 540 790 1.463 60 730 0.047 1400 0.916 481 980 0.115
Ck 45 210,500 531 790 1.488 60 1219 0.0151 1271 0.777 462 1078 0.133
Ck 45 199,700 622 915 1.471 59 1606 0.18 1784 0.900 591 2407 0.226
Ck 45 199,700 622 915 1.471 59 1606 0.18 1784 0.900 538 1762 0.191
Ck 45 201,500 380 684 1.800 36.8 735 0.092 987 0.460 336 1414 0.231
Ck 45 205,000 760 1018 1.339 0 1141 0.059 1018 0.000 722 2075 0.17
Ck 45 199,000 466 737 1.582 54 1469 0.248 1296 0.777 368 1486 0.225
Ck 45 207,000 462 672 1.455 61 1288 0.235 1298 0.942 354 1391 0.22
Ck 45 208,000 588 730 1.241 70 1154 0.148 1540 1.204 420 1194 0.168
Ck 45 207,000 551 774 1.405 68 1297 0.166 1559 1.139 464 1235 0.158
Ck 45 206,000 728 844 1.159 64 1208 0.108 1582 1.022 516 1217 0.138
Ck 45 210,000 652 787 1.207 68 1200 0.129 1568 1.139 472 1285 0.161
Ck 45 204,000 702 863 1.229 66 1268 0.118 1651 1.079 526 1243 0.138
St 37 210,000 295 435 1.475 64 829 0.275 835 1.020 273 988 0.207

St 52-3 210,000 400 597 1.493 63 1061 0.225 1083 0.980 389 1228 0.185

Note: Shaded values are calculated by Equation (20).
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Table A2. Monotonic and cyclic properties for low-alloy steels [6,23,24].

Material Designation Monotonic Properties Cyclic Parameters
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100 Cr 6 207,000 1927 2016 1.046 12 2281 0.031 2230 0.120 1341 3328 0.146
11 NiMnCrMo 55 210,000 745 852 1.144 57 1277 0.124 1327 0.834 663 1145 0.088

14 Mn 5 206,000 580 697 1.202 68 858 0.067 1222 1.150 537 1436 0.158
16 NiCrMo 3 2 209,000 891 939 1.054 63 963 0.011 1491 0.994 617 1080 0.09
17 MnCrMo 33 214,000 833 929 1.115 58 1285 0.099 1446 0.867 663 1252 0.102

20 Mn 3 206,000 910 960 1.055 43 1190 0.06 1090 0.561 675 1313 0.107
22 MnCrNi 3 198,000 1200 1510 1.258 42 2447 0.114 2034 0.549 1046 2149 0.112
22 MnCrNi 3 195,000 1200 1586 1.322 3 2586 0.115 1669 0.026 1193 2759 0.135

23 Mn 4 207,000 1008 1091 1.082 61 1185 0.026 1616 0.950 656 1616 0.145
23 NiCr 4 208,531 725 808 1.114 66 762 0.007 1215 1.080 541 1221 0.131
25 Mn 3 200,000 351 540 1.538 67 992 0.236 1173 1.100 322 1219 0.214
25 Mn 5 207,000 904 1008 1.115 49 1138 0.033 1284 0.680 608 1900 0.183

28 MnCu 6 204,000 330 580 1.758 64 938 0.19 950 1.030 347 1151 0.193
30 CrMo 2 221,000 780 898 1.151 67 1117 0.063 1692 1.120 579 1366 0.138
30 CrMo 2 200,250 1360 1429 1.051 55 1661 0.033 2085 0.790 814 1758 0.124

30 CrMoNiV 5 11 212,000 605 773 1.278 62 717 0.027 1332 0.968 497 894 0.094
30 CrNiMo 8 206,000 700 910 1.300 66 1128 0.079 1168 0.708 573 972 0.085
30 CrNiMo 8 206,000 700 910 1.300 66 1128 0.079 1168 0.708 522 995 0.095

30 MnCr 5 206,000 820 950 1.159 64 1250 0.097 1445 1.068 576 1618 0.166
34 CrMo 4 193,000 1017 1088 1.070 65 1344 0.056 1903 1.050 692 1310 0.103
34 CrMo 4 188,000 847 939 1.109 69 1215 0.074 1795 1.171 624 1008 0.077
34 CrMo 4 190,000 893 978 1.095 67 1338 0.089 1787 1.109 650 987 0.067
34 CrMo 4 197,000 980 1078 1.100 61 1382 0.07 1818 0.942 711 1373 0.106
34 CrMo 4 194,000 780 881 1.129 71 1299 0.116 1740 1.238 556 1198 0.124

4 NiCrMn 4 206,000 454 623 1.372 76 753 0.081 1229 1.450 505 1111 0.127
40 CrMo 4 208,780 840 940 1.119 64 1300 0.094 1440 1.035 583 1307 0.13

40 NiCrMo 6 201,000 1084 1146 1.057 59 1549 0.083 1857 0.890 758 1550 0.115
40 NiCrMo 6 190,000 910 1015 1.115 62 1372 0.089 1808 0.970 660 1392 0.12
40 NiCrMo 6 202,000 953 1029 1.080 62 1448 0.1 1724 0.970 659 1628 0.145
40 NiCrMo 6 193,000 998 1067 1.069 62 1474 0.092 1761 0.970 716 1292 0.095
40 NiCrMo 6 205,000 810 884 1.091 67 1378 0.142 1680 1.110 586 1303 0.129
40 NiCrMo 7 193,500 1374 1471 1.071 38 1796 0.04 1920 0.480 905 1890 0.118
40 NiCrMo 7 193,500 635 829 1.306 43 1175 0.098 1201 0.570 474 1332 0.167
41 MnCr 3 4 207,280 800 930 1.163 62 1350 0.112 1390 0.960 551 1340 0.143

42 Cr 4 195,000 903 1006 1.114 62 1293 0.068 1716 0.968 679 1153 0.085
42 Cr 4 194,000 813 921 1.133 65 1249 0.086 1674 1.050 613 1147 0.101
42 Cr 4 194,000 845 952 1.127 62 1288 0.086 1689 0.968 619 1207 0.107
42 Cr 4 192,000 833 943 1.132 65 1289 0.09 1690 1.050 621 1192 0.105
42 Cr 4 193,000 717 840 1.172 69 1240 0.118 1617 1.171 543 1161 0.122

42 CrMo 4 211,400 998 1111 1.113 60 1469 0.069 1525 0.496 716 1367 0.104
49 MnVS 3 210,200 566 840 1.484 19 1428 0.194 1152 0.380 520 1396 0.159
50 CrMo 4 205,000 970 1086 1.120 48.6 1132 0.026 1609 0.665 700 1568 0.13
50 CrMo 4 205,000 947 983 1.038 14.6 1042 0.018 926 0.157 774 1754 0.132

8 Mn 6 198,000 862 965 1.119 57 1227 0.054 1579 0.850 580 1256 0.125
8 Mn 6 198,000 821 869 1.058 53 1085 0.046 1434 0.750 674 1258 0.101
80 Mn 4 187,500 502 931 1.855 16 1100 0.127 1060 0.174 459 1859 0.225

WStE 460 210,000 560 667 1.191 61 1096 0.153 1171 0.932 514 1194 0.128
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Table A3. Monotonic and cyclic properties for high-alloy steels [6,23,24].

Material Designation Monotonic Properties Cyclic Parameters
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X 10 CrNi 18 8 204,000 245 635 2.592 79 1416 0.362 1908 1.563 307 2397 0.331
X 10 CrNiNb 18 9 210,000 237 615 2.595 72 1398 1.273 271 1967 0.319
X 10 CrNiNb 18 9 210,000 237 615 2.595 72 1398 1.273 276 1667 0.289
X 10 CrNiTi 18 9 210,000 211 677 3.209 67 1428 1.109 455 8384 0.469
X 10 CrNiTi 18 9 210,000 182 668 3.670 68 1429 1.139 414 6179 0.435
X 10 CrNiTi 18 9 210,000 211 677 3.209 69 1470 1.171 496 3647 0.321
X 10 CrNiTi 18 9 210,000 177 516 2.915 74 1211 1.347 220 2264 0.375
X 10 CrNiTi 18 9 210,000 177 516 2.915 74 1211 1.347 250 1535 0.292
X 10 CrNiTi 18 9 210,000 214 529 2.472 74 1242 1.347 228 2086 0.357
X 10 CrNiTi 18 9 210,000 214 529 2.472 74 1242 1.347 251 1682 0.306
X 10 CrNiTi 18 9 210,000 177 535 3.023 77 1321 1.470 220 3080 0.424
X 10 CrNiTi 18 9 210,000 177 535 3.023 77 1321 1.470 241 2097 0.348

X 15 Cr 13 210,000 598 736 1.231 70 1622 1.204 475 1056 0.128
X 15 Cr 13 210,000 598 736 1.231 70 1622 1.204 497 987 0.11

X 15 CrNiSi 25 20 210,000 271 630 2.325 69 1368 1.171 289 2302 0.334
X 15 CrNiSi 25 20 210,000 271 630 2.325 69 1368 1.171 284 2242 0.332

X 2 CrNi 18 9 192,000 280 601 2.146 46 455 0.097 971 0.616 207 2807 0.419
X 20 CrMo 12 1 210,000 795 1013 1.274 47 1656 0.635 716 1325 0.099
X 20 CrMo 12 1 210,000 795 1013 1.274 47 1656 0.635 730 1301 0.093

X 25 CrNiMn 25 20 193,340 220 642 2.918 63 754 0.228 1360 1.010 421 2267 0.271
X 3 CrNi 19 9 172,625 746 953 1.277 69 1114 0.063 2037 1.160 882 2313 0.155
X 3 CrNi 19 9 186,435 255 746 2.925 74 548 0.136 1920 1.370 678 4634 0.309
X 5 CrNi 18 9 210,000 207 611 2.952 75 1458 1.386 197 3331 0.455
X 5 CrNi 18 9 210,000 207 611 2.952 83 1694 1.772 203 3001 0.434

X 5 CrNiMo 18 10 210,000 230 587 2.552 78 1476 1.514 256 1644 0.299
X 5 CrNiMo 18 10 210,000 231 587 2.541 78 1476 1.514 247 2755 0.388
X 5 CrNiMo 18 10 210,000 257 606 2.358 79 1830 1.561 313 2000 0.298
X 5 CrNiMo 18 10 210,000 228 665 2.917 81 1769 1.661 259 2081 0.336
X 5 CrNiMo 18 10 210,000 228 665 2.917 81 1769 1.661 259 2674 0.376
X 5 NiCrTi 26 15 210,000 777 1158 1.490 52 2008 0.734 713 1617 0.132
X 5 NiCrTi 26 15 210,000 777 1158 1.490 52 2008 0.734 711 1543 0.125
X 6 CrNi 19 11 183,000 325 650 2.000 80 1210 0.193 1400 1.610 267 1628 0.291

X 8 CrNiTi 18 10 204,000 222 569 2.563 76 349 0.062 1381 1.427 383 5234 0.421
X2 CrNiMo 18 10 210,000 373 700 1.877 75 1670 1.386 295 1232 0.23

X5 CrNi 18 9 198,000 242 666 2.752 82 484 0.113 2407 1.715 275 2872 0.378

Note: Shaded values are calculated by Equations (8) and (20).
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17. Marohnić, T.; Basan, R.; Franulović, M. Evaluation of the Possibility of Estimating Cyclic Stress-strain
Parameters and Curves from Monotonic Properties of Steels. Procedia Eng. 2015, 101, 277–284. [CrossRef]

18. Smith, R.W.; Hirschberg, M.H.; Manson, S.S. Fatigue Behavior of Materials under Strain Cycling in Low and
Intermediate Life Range; Technical Note D-1574; National Aeronautics and Space Administration (NASA):
Washington, DC, USA, 1963.

19. Zhang, Z.; Wu, W.; Chen, D.; Sun, Q.; Zhao, W. New Formula Relating the Yield Stress-Strain with the
Strength Coefficient and the Strain-Hardening Exponent. J. Mater. Eng. Perform. 2004, 13, 509–512.

20. Landgraf, R.W.; Morrow, J.; Endo, T. Determination of cyclic stress-strain curve. J. Mater. 1969, 4, 176–188.
21. Devore, J. Probability and Statistics for Engineering and the Sciences; Brooks/Cole Cengage Learning:

Boston, MA, USA, 2011.
22. Minitab 17 Statistical Software, Product version 17.3.1; Computer Software; Minitab, Inc.:

State College, PA, USA, 2010.
23. Boller, C.; Seeger, T. Materials Data for Cyclic Loading, Part A–D, 1st ed.; Elsevier: Amsterdam, The Netherlands, 1987.
24. Basan, R. MATDAT Materials Properties Database, Version 1.1. 2011. Available online: http://www.matdat.com/

(accessed on 15 January 2016).

© 2017 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

70



metals

Article

Role of Microstructure Heterogeneity on Fatigue
Crack Propagation of Low-Alloyed PM Steels in the
As-Sintered Condition

Saba Mousavinasab and Carl Blais *

Département de génie des mines, de la métallurgieet des matériaux, Université Laval, Québec, QC G1V 0A6,
Canada; saba.mousavinasab.1@ulaval.ca
* Correspondence: carl.blais@gmn.ulaval.ca; Tel.: +1-418-656-2049

Academic Editor: Filippo Berto
Received: 17 November 2016; Accepted: 14 February 2017; Published: 17 February 2017

Abstract: Due to their lower production costs, powder metallurgy (PM) steels are increasingly being
considered for replacing wrought counterparts. Nevertheless, the presence of a non-negligible
volume fraction of porosity in typical PM steels makes their use difficult, especially in applications
where cyclic loading is involved. On the other hand, PM offers the possibility of obtaining steel
microstructures that cannot be found in wrought. Indeed, by adequately using alloying strategies
based on admixing, pre-alloying, diffusion bonding or combinations of those, it is possible to
tailor the final microstructure to obtain a distribution of phases that could possibly increase the
fatigue resistance of PM steel components. Therefore, a detailed study of the effect of different
microstructural phases on fatigue crack propagation in PM steels was performed using admixed
nickel PM steels (FN0208) as well as pre-alloyed PM steels (FL5208). Specimens were pressed and
sintered to a density of 7.3 g/cm3 in order to specifically investigate the effect of matrix microstructure
on fatigue properties. Fatigue crack growth rates were measured at four different R-ratios, 0.1, 0.3,
0.5 and 0.7 for both PM steels. The negative effect of increasing the R-ratio on fatigue properties was
observed for both alloys. The crack propagation path was characterized using quantitative image
analysis of fracture surfaces. Measurements of roughness profile and volume fractions of each phase
along the crack path were made to determine the preferred crack path. Weak Ni-rich ferritic rings in
the FN0208 series (heterogeneous microstructure) caused a larger crack deflection compared to the
more homogeneous microstructure of the FL5208 series. It was determined that, contrary to results
reported in literature, crack propagation does not pass through retained austenite areas even though
fatigue cracks propagated predominantly along prior particle boundaries, i.e., intergranular fracture.

Keywords: PM steels; heterogeneous microstructure; retained austenite; fatigue crack growth;
crack path tortuosity

1. Introduction

Utilization of powder metallurgy (PM) steel components has significantly increased in recent
years due their ability to be processed to near-net shapes, their intrinsic sustainability as well as their
lower production costs. Most of the applications targeted by powder metallurgy are found in the
automotive industry. Moreover, these applications increasingly involve undergoing cyclic loading that
require better or equivalent fatigue properties compared to their wrought counterparts [1,2]. Fatigue is
a complex phenomenon in PM steels since it is controlled by several characteristics. Porosity and matrix
microstructure are the two most important parameters that need to be considered when studying the
mechanical properties of PM parts [3].
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Porosity reduces the effective load bearing cross section, through which mechanical properties
such as strength and ductility are negatively affected [4–6]. Pores can also change the stress distribution
at micro-levels, leading to stress concentration at the pores. Hence, the volume fraction of porosity
is an important parameter that affects mechanical properties, especially fatigue resistance [7]. In low
density parts, total volume of porosity is the major parameter on mechanical properties, whereas
in high density ones, pore characteristics including size, shape and distribution as well as matrix
microstructure happen to be the dominant parameters [8].

Apart from porosity, the other specific feature of PM materials is their heterogeneous
microstructure. Microstructure of a PM material depends on the production process and the alloying
technique. Excluding the pre-alloying technique, the other ones namely admixed, diffusion alloyed
and hybrid will typically result in a heterogeneous microstructure [9]. This heterogeneity occurs mainly
because of the incomplete diffusion of alloying elements that occurs due to low diffusion rates of
alloying elements, large particle size, high repulsion between elements due to their chemical potential
and some processing variables such as insufficient sintering temperature and time [9,10]. For a given
density, fatigue properties of a PM part are mainly controlled by its microstructure. The effect of
microstructure gets more attraction when involving a PM steel with heterogeneous microstructure.

Fatigue crack propagation is controlled by local properties at the crack tip, through which the
fatigue behavior of a material is determined. A fatigue crack will face different microstructural phases
while propagating in a heterogeneous microstructure PM steel. Due to the interaction of a crack with
other cracks and microstructural barriers, such as porosity and grain boundaries, crack growth rate can
decrease or cracks can even be arrested and stopped [11]. The behavior of fatigue cracks confronting
these phases has not been characterized with exactitude, thus leading to divergent points of view in
the literature.

In a study by Andersson and Lindqvist [12], fatigue behavior of a heterogeneous PM steel
(Fe-4Ni-1.5Cu-0.5Mo-0.8C) was studied through which austenite was characterized as a ductile phase
that can delay or stop the crack propagation. In another study on a diffusion alloyed PM steel as
base powder with a microstructure of ferrite, pearlite, martensite in Cu/Mo rich areas (sinter necks)
and austenite in Ni-rich areas (around the pores), it was also observed that short cracks are stopped
by austenitic areas, whereas the long ones circumvented them. Therefore, it would appear that both
mechanisms lower the propagation rate of fatigue cracks in PM steel [3]. Bergmark and Alzati [13],
investigated the short cracks in Fe-4Ni-2Cu-1.5Mo-0.7C PM steel, using successive grinding to obtain
3D crack path observations. They found that Ni-rich austenite could not retard crack propagation
by itself and the reason for not seeing this propagation might be related to plastic deformation
and smearing.

Although there exist several studies on the effect of microstructure on fatigue crack propagation in
PM steels, unified conclusions have not yet been reached. Different approaches used for demonstrating
the effect of microstructure on fatigue crack growth as well as unsupported interpretations based on
insufficient results could be the reason for these contradictory deductions. In this study, in order to
have a complete comprehension of the effect of different phases on fatigue crack propagation behavior
of PM steels, fatigue crack growth rate of two common alloys with the same density but different
microstructures (homogeneous and heterogeneous) were measured at four R-ratios. The crack path
was thoroughly analyzed in optical microscopy to characterize the crack behavior in facing different
microstructural phases. The two-parameter approach and crack closure were also considered to
complete the investigation.

2. Materials and Experimental Procedure

2.1. Materials

Two common PM steels produced by different alloying strategies were chosen in order to provide
two types of microstructures (heterogeneous and homogeneous). The powder mixture utilized for
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obtaining the heterogeneous microstructure contained nickel (Vale Canada type 123) that was admixed
to an iron powder (Rio Tinto Metal Powders Atomet 1001), whereas the powder mixture that yielded
the homogeneous microstructure had chromium and molybdenum as alloying elements and was
obtained using the pre-alloying technique (North American Höganäs Astaloy CrL). These alloys were
selected based on their inclusions in MPIF standard 35 and by the fact that they have a similar content
in alloying elements. Graphite additions (Asbury natural graphite grade 1651) were adjusted to yield
a combined carbon content of 0.6 wt. % for both mixtures. The exact chemical compositions of the
materials studied are given in Table 1.

The specimens were made using a double-press/double-sinter approach. The powder mixtures
were pressed and sintered to achieve the same density of 7.3 g/cm3. Final sintering was done at
1120 ◦C for 30 min in a 90%N2-10%H2 atmosphere. Archimedes’ principle (MPIF standard 42) was
used to measure the density of the samples. Porosity of the samples was also characterized in terms of
size and shape distribution by image analysis.

Table 1. Main alloying elements of the studied materials (wt. %).

Alloy Fe C Ni Mo Cr

Admixed (FN-0208) bal. 0.6 2 - -
Pre-alloyed (FL-5208) bal. 0.6 - 0.2 1.4

2.2. Fatigue Crack Growth Tests

The specimens preparation as well as the fatigue crack growth testing were perfomed in
accordance with ASTM-E647-13 standard [14]. The sintered samples were machined into standard
compact C(T) specimens using electrodischarge machining (EDM). Fatigue crack growth experiments
were conducted at room temperature on an MTS servo-hydraulic testing machine (model 810 with
a load cell of 10 KN) operating at a sinusoidal frequency of 10 Hz. Humidity was recorded at all times
and tests were conducted in relative humidity ranging between 25% and 38%.

In order to provide a sharpened fatigue crack and also to remove the effect of the machining
at the notch, fatigue pre-cracking was perfomerd with an a/w ratio of 0.2 using a constant ΔK
procedure. The fatigue crack growth rates experiments were conducted at constant R-ratio following a
constant-force-amplitude test procedure. This test procedure is suitable for crack growth rates above
10−8 m/cycle (Paris regime), which is the area of interest in this research. In order to study the effect of
microstructure at different fatigue conditions, four different R-ratios (0.1, 0.3, 0.5 and 0.7) were also
considered. Crack lengths were recorded at recommended intervals using the compliance method.

2.3. Characterization Techniques

Investigations were performed on the fatigue fracture surfaces as well as sections taken from the
fractured specimens. The fractured specimens were cut vertically, i.e., along the crack path in order
to follow and study the crack propagation path. An electroless Ni-plating process was used to coat
the fracture surfaces before the cut was made. This was done to protect the details of the crack path.
The transverse cross-sections were then prepared using the standard procedure of metallographic
sample preparation for PM specimens.

Digital image analysis techniques were used on the as-polished and the etched specimens to
characterize pore morphology and measure the volume fraction of each phase respectively. The etched
transverse cross-sections were also used to follow the crack path in optical microscopy. In order to
perform the quantitative analysis of the fracture surface, the volume fraction of each phase as well
as the crack length along the crack path in the Paris regime were measured using an image analysis
software (Clemex Vision, Clemex Technologies Inc., Longueuil, QC, Canada). Microhardness tests
were performed using a test force of 25 gf applied for 13 s to help ascertain phase determination.
Fatigue fracture surfaces were also characterized using scanning electron microscopy (SEM, JEOL Ltd.,
Tokyo, Japan).
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3. Results

3.1. Microstructure

The typical microstructure of admixed and pre-alloyed PM steels considered in this study is
shown in Figure 1. It can be seen that the admixed nickel-containing PM steel shows a heterogeneous
microstructure of pearlite (P), Ni-rich ferrite (F) and retained austenite (RA) while the pre-alloyed one
has a homogeneous pearlitic microstructure. The volume fractions of microstructural phases and the
microhardness values of each phase is shown in Table 2.

Figure 1. Microstructure of (a) admixed and (b) pre-alloyed powder metallurgy (PM) steels, etched by
Nital 2%.

Table 2. Volume fraction and micro-hardness values of the phases present in the two series of
specimens studied.

Alloy
Hardness

/
Phase Pearlite Retained Austenite Ni-Rich Ferrite

FN0208 69.5 9.7 20.8
Microhardness (HV) 280 ± 6 177 ± 10 193 ± 13

FL5208 98.5 1.5 0
Microhardness (HV) 290 ± 12 - -

Low diffusion rate of nickel into an iron matrix at conventional sintering time and temperature as
well as the repulsion between nickel and carbon atoms are responsible for the non-uniform distribution
of nickel when this element is admixed. The Ni distribution gradient throughout the matrix leads to
the formation of different microstructural phases upon cooling and consequently a heterogeneous
microstructure is generated [15,16]. Ni-rich ferritic areas around pearlitic grains, bright areas in
Figure 1, form due to the lack of carbon (Ni-rich/C-lean) for pearlite formation. Retained austenite
regions are mainly present where prior Ni particles were located and nickel concentration is relatively
high (more than 10 wt. %) [17].

Along with the microstructure, pore morphology (pore size and shape distribution) can also
affect the fatigue crack propagation in high density PM steels [8]. Pore morphology was characterized
on as-polished samples of both types of PM steels using optical microscopy. The filled area of each
pore was measured and used as a criterion for its size. Pore shape factor was also calculated using
the F = 4πA/P2 expression, where A and P are the area and the perimeter of pores respectively.
Figure 2 shows the size and shape distribution of the admixed and pre-alloyed PM steels. It can be seen
that the difference between the pore morphology of the two alloys is negligible. Therefore, it can be
concluded that any difference in their fatigue crack propagation behavior could be attributed to their
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microstructures. In other words, the effect of microstructure can be studied and compared between the
two alloys without the interference of the pore morphology effect.

Figure 2. Distribution of the pore (a) size and (b) shape for both admixed and pre-alloyed
sinter-hardened PM steels.

3.2. Fatigue Crack Growth Rate

Fatigue crack growth rate data acquired from the tests at four R-ratios are plotted against the
stress intensity factor range on a logarithmic scale (Figure 3). Paris law (da/dN = CΔkm) was then
employed to the steady-state region of the plots to obtain m and C, the so-called Paris components,
which are the empirical constants depending on material properties and testing conditions [18,19].

Figure 3. Fatigue crack growth rate vs. stress intensity factor range of the (a) admixed and
(b) pre-alloyed PM steels at four tested R-ratios.

The variation of m—i.e., the slope of the linear section of the plot—versus R-ratio for both
alloys is shown in Figure 4. According to Figures 3 and 4, it can be seen that the fatigue crack
growth rate increases in both alloys by increasing the R-ratio due to the increase in minimum load.
Nevertheless, this increase is more pronounced in the pre-alloyed PM steel, which is characterized
by a homogeneous microstructure. In other words, the slope of the Paris regime, m, increases more
rapidly by increasing the R-ratio. In pre-alloyed PM steels, m is almost the same for R-ratios of 0.1
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and 0.3 but it increases intensively as the R-ratio increases from 0.3 to 0.7. This trend shows that the
homogeneous microstructure is more sensitive to monotonic contribution since increasing the R-ratio
indicates the higher dominant static effect [20].

Figure 4. Variation of the slope (m) of the Paris regime versus the R-ratio.

4. Discussion

4.1. Fatigue Crack Growth (FCG) Behavior

The FCGs of the admixed and pre-alloyed PM steels should be compared quantitatively in order
to understand the effect of microstructure homogeneity/heterogeneity on fatigue crack propagation.
The FCGs for both types of microstructure were calculated using the Paris law and the derived Paris
components, m and C. It is to be noted that m and C were derived from the fatigue crack growth rate
(da/dN) versus ΔK plots. The ratios of the calculated FCGs of the admixed PM steel to the FCG of
the pre-alloyed PM steels were then obtained (for the purpose of comparison) and plotted against the
stress intensity range (ΔK) at different R-ratios. Figure 5 shows the variation of the calculated ratios
(da/dN of the admixed to da/dN of the pre-alloyed PM steels) against ΔK at four tested R-ratios.

Figure 5. Variation of the fatigue crack growths’ (FCGs’) ratios (admixed/pre-alloyed) against ΔK in
the Paris regime.
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At R = 0.1, the FCG of the admixed PM steel is larger than the FCG of the pre-alloyed PM steel
at low ΔKs (small crack lengths) but they became the same by increasing the ΔK. The calculated
FCGs’ ratio at R = 0.3 and 0.5 changes roughly between 0.8–1.2, throughout the applicable range
of ΔK, which shows that the fatigue crack growth rates are almost the same for heterogeneous and
homogeneous microstructures at these R-ratios. At R = 0.7, the fatigue crack growth rate in both
types of alloys are similar at low ΔKs (small crack lengths) but it seems that by increasing the stress
intensity factor range, the fatigue crack grew faster in the homogeneous microstructure since the
calculated FCGs’ ratio approaches the value of 0.6. The discussed trend of variation of fatigue crack
growth rates with increasing R-ratio in both types of microstructures shows the higher sensitivity of
the homogeneous microstructure to the localization of strain and plasticity at the crack tip.

In order to better understand the fatigue mechanisms involved in the tested PM steels,
the two-parameter approach was also used. In this approach two parameters of Kmax and ΔK are
considered as the contributing parameters in fatigue crack growth. Therefore, there exists two crack
tip driving forces and consequently two thresholds to be satisfied for crack growth to occur. ΔK vs.
Kmax plots that considered as fatigue maps are L-shaped plots that demonstrate the interplay of these
two crack tip driving forces at any given crack growth rates [21]. These types of plots for both tested
PM steels are shown in Figure 6. Since there were no experiments at negative R-ratios, the vertical
parts of the plots are missing and the discussion will be made only using the horizontal part.

Figure 6. ΔK–Kmax plots of (a) admixed (b) pre-alloyed PM steels, defining two limiting values at
different crack growth rates.

By increasing the crack growth rate, the deviation (tilt) of the horizontal asymptote of the L-shape
plots towards the Kmax axis is slightly larger in the pre-alloyed PM steel compared to the one for the
admixed PM steel. This shows that the pre-alloyed PM steel with a homogeneous microstructure is
more affected by the Kmax. In other words, this kind of microstructure is slightly more sensitive to
monotonic contribution in fatigue damage. It can also be said that the crack tip is more sensitive to
plasticity and strain localization in these kinds of microstructures [20–22].

Since there is a deviation (tilt) in horizontal asymptote of the L-shaped plots of both PM steels
compared to a perfect L-shaped plot, it can be concluded that monotonic and/or environmental
contribution were present for both types of microstructures [22]. In order to quantify this contribution,
the crack growth trajectory maps can be used. By following the limiting values of the two driving
forces (ΔK* and Kmax*) at different crack growth rates in ΔK–Kmax plots, the crack growth trajectory
maps can be generated. A 45◦ line in these plots (ΔK* = Kmax*) is a pure fatigue line where only the
cyclic damage is contributing in fatigue and any deviation from this line would determine the intrinsic
mechanisms contributing in fatigue [21,22]. Figure 7 presents the trajectory maps of both types of
alloys that have been derived from their ΔK–Kmax plots.
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Figure 7. Crack growth trajectory maps of the admixed and pre-alloyed PM steels.

It can be seen that the trajectory path of the admixed PM steel is almost parallel to the pure fatigue
line at low crack growth rates but deviates from it by increasing the crack growth rate. Being parallel to
pure fatigue line at low crack growth rates indicates that fatigue is controlled only by cyclic plasticity
whereas the divergence from this reference line at higher crack growth rates shows the effect of
environment and monotonic contribution. The trajectory path of the pre-alloyed PM steel continuously
diverges from the pure fatigue line with almost a constant angle.

Therefore, it can be concluded that the mechanisms are different in both types of microstructures,
especially at low crack growth rates. The divergence from the pure fatigue line indicates that the
environmental contribution increases with increasing crack growth rate. Besides, the deviation of the
trajectory path towards the Kmax axis, which is higher for the pre-alloyed PM steel, corresponds to
superimposed Kmax governing processes [20,22]. In other words, the amount of monotonic contribution
is higher for the pre-alloyed steel with a homogeneous microstructure, which is in agreement with
results of the variation of the slope of Paris regime, m, against the R-ratio.

4.2. Crack Closure Analysis

Fatigue crack closure should also be considered in studying the fatigue behavior of a material.
Crack closure happens when two crack faces are in premature contact upon the unloading portion
of a cycle. Elber [23] found out that due to the presence of the plastic zone at the wake of a fatigue
crack, the crack could become closed far before the tensile stress reaches zero. A monotonic plastic
zone, which is formed during loading to the maximum load, will lead to the permanent elongation in
the loading direction. During unloading, this plastically elongated area will be under compression and
consequently cause the premature crack closure even before reaching the minimum load. This type
of crack closure is called plasticity-induced crack closure and it is reduced by increasing the R-ratio,
i.e., increasing the minimum load [24,25].

When the crack is closed, the stress intensity at the crack tip decreases. Therefore, in order to
analyze the degree of the crack closure, fatigue crack growth rates data should be plotted against
ΔKeff, which is equal to Kmax–Kopen. Fatigue crack closure were measured according to the ASTM
E-647-13 guidelines using the load-displacement data obtained from the crack opening gauge during
the test. Figure 8 shows the da/dN versus ΔK and ΔKeff for both admixed and pre-alloyed PM steels
at different R-ratios.

It can be seen that the amount of crack closure in pre-alloyed PM steels (Figure 8b) is the same at
all R-ratios, i.e., it does not decrease by increasing the minimum load as expected [24,26]. This could
be related to several causes such as different microstructure of PM steels compared to wrought ones
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and/or other crack closure controlling mechanisms such as the mismatch between upper and lower
fracture surfaces and mixed mode sliding of the crack. The presence of porosity in the microstructure
of PM steels most likely changes the expected trend of plasticity induced crack closure with increasing
R-ratio. Nevertheless, according to previous studies [20,27], the decreasing trend of crack closure
with R-ratio was observed in PM steels with either heterogeneous or homogeneous microstructure.
Therefore, there should be another mechanism involved in the crack closure of these PM steels.

Figure 8. Fatigue crack growth rates of (a) admixed and (b) pre-alloyed PM steels versus ΔK and ΔKeff.

Due to the fact that crack closure mechanisms could act synergistically, another mechanism or
mechanisms are probably acting at the same time as the plasticity induced crack closure, causing the
degree of the crack closure to be constant instead of decreasing (with increasing the R-ratio). The most
probable mechanisms the mismatch between the upper and lower fracture surfaces that happens when
two faces of the crack do not fit perfectly during unloading due to the crack deflection and/or the
mixed mode sliding of the crack. This type of closure is called roughness-induced crack closure and is
possible for both heterogeneous and homogeneous microstructures [24].

Figure 8a shows the degree of crack closure for the admixed PM steel at different R-ratios. It can
be seen that the crack closure effect is almost constant for R-ratios of 0.1, 0.3 and 0.5, while it decreases
when the R-ratio increases to 0.7. This diminution could be related to the formation of the reversed
plastic zone that leads to the lower compression stress applied on the crack faces. The formation of
this reversed plastic zone requires a sufficient increment in the local stress in the reversed direction
and its size is around a quarter of the previous plastic zone [24]. The same as for the pre-alloyed PM
steels, other closure mechanisms such as the mismatch between the upper and lower fracture surfaces
and mixed mode sliding, might be contributing in the crack closure of the admixed PM steel that are
causing the observed anomaly in the crack closure trend against the R-ratio. This phenomenon was
observed in a recent article that studied similar PM steels [27].

4.3. Crack Path Analysis and Fractography

The effect of microstructure on fatigue crack growth behavior can be investigated using
quantitative analysis of the fracture surface. This analysis can be done on a fracture surface as well as
a fracture profile, which is the intersection of the fracture surface with a metallographic sectioning
plane. A typical fracture profile is usually an irregular and complex line to which a profile roughness
parameter (RL) can be attributed. RL is defined as follows:

RL = λ0
/

L
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where λ0 is the actual measured length of fracture profile and L is equivalent straight path
(projected length). RL can vary between 1 and ∞ depending on the irregularity of the fracture
profile [28,29]. This parameter can be used to quantify the crack deflection and could be an accurate
criterion for comparing the fatigue crack paths in different microstructures. As mentioned above,
metallographic sections along the crack paths (vertical sections) were made on each fracture surface. λ0

was measured on micrographs obtained from the vertical sections and RL was then calculated. Figure 9
shows the variation of profile roughness parameters for both alloys at different R-ratios.

It can be seen that fatigue crack has a tortuous path in both pre-alloyed and admixed PM steels
with homogeneous and heterogeneous microstructures since RL is larger than 1. Generally, a crack
will change its path when confronting microstructural barriers or by passing through the grain
and/or inter-particle boundaries. As previously observed by these authors [27] as well as being
reported elsewhere in literature [20], a crack can be deflected by the Fe3C lamellae of pearlite colonies.
Since pearlite is the main constituent of the microstructure in both alloys (Table 1), it can be concluded
that the reason for crack deviation in both types of microstructures is related to the presence of
cementite lamellae. Moreover, RL will be larger than one in the case of intergranular fracture in which
the crack passes through boundaries, either grain boundaries or prior inter-particle boundaries for PM
steels. Figure 10 shows the intergranular type of fracture at R = 0.1 and 0.7 for the admixed PM steel.

Figure 9. Profile roughness parameters for admixed and pre-alloyed at four R-ratios.

Figure 10. Fracture surfaces of the admixed PM steels tested at (a) R = 0.1; (b) R = 0.7. Intergranular
fracture is the principal mode of crack propagation in both micrographs.
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Profile roughness parameters at four tested R-ratios for the pre-alloyed and admixed PM steels
show that the amount of RL has a small increase at R = 0.3, which could be related to the interaction of
the crack with the pulled-out cementite lamellae from their pearlitic matrix during fatigue. This was
previously observed by these authors for the same alloys but in the sinter-hardened condition as
well as being reported in the literature [20,27]. After an increase in roughness parameter at the
mentioned R-ratio, there is a decrease for both types of microstructures that could be attributed to the
increase in the percentage of transgranular fracture brought about by increasing the minimum load,
i.e., increasing the R-ratio. Fracture type (intergranular/transgranular) can be better studied using
scanning electron microscopy. Figure 11 shows the SEM micrograph of the admixed PM steel at R = 0.7
at higher magnification. It can be seen that by increasing the minimum load, the fracture surface
shows more transgranular fracture proving that the crack has the tendency of propagating through the
grains rather than at grain/inter-particle boundaries at high R-ratios. It should be mentioned that the
principal mode of fracture is still the intergranular one and only the percentage of the transgranular
fracture has been increased by increasing the R-ratio.

Figure 11. Fracture surface of the admixed PM steel at R = 0.7. The grains have been cut by the crack
showing the transgranular fracture in some parts of the fracture surface.

The effect of microstructure heterogeneity/homogeneity can also be studied using the profile
roughness parameter. As seen in Figure 9, there is a difference between the RL of admixed and
pre-alloyed PM steels at all R-ratios. The crack seems to be more deviated and tortuous in admixed PM
steels with heterogeneous microstructure at all tested R-ratios although the difference is small. In order
to investigate the reason for this difference, crack paths from the two types of microstructures were
studied more precisely. Thus, the crack paths were followed in the area of interest (Paris regime) and
volume fractions of the different phases found along the crack path were measured and compared to
their amount in the bulk material. A ratio of the volume fraction of each phase in the crack path divided
by its amount in bulk of the material was then calculated for all microstructural phases present to make
the comparison easier. Figure 12 shows the calculated ratios for the admixed PM steels at four tested
R-ratios. It should be noted that the mentioned ratio would be one in the case of the homogeneous
microstructures since there was no difference between the volume fraction of microstructural phases
along the crack path and in the bulk of the materials.

If there exists a difference between the volume fraction of a phase along the crack path compared
to its amount in the material, the calculated ratio is then larger than one indicating that there is a
preferred path for crack propagation in that specific phase [28]. As it can be seen in Figure 12, this ratio
is three for Ni-rich ferrite in the admixed PM steels at all R-ratios. In other words, the amount of Ni-rich
ferrite in the crack path is three times larger than its amount in the material indicating that this phase
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is a preferred path for a fatigue crack to propagate. These Ni-rich ferritic regions are formed around
pearlitic grains due to the non-homogeneous distribution of nickel and carbon throughout the iron
matrix. Due to the rapid diffusion of carbon into the iron matrix and the repulsion between carbon and
nickel during sintering at 1120 ◦C, particle peripheries and sinter necks will be Ni-rich/C-lean austenite,
whereas the particle interiors (cores) will be C-rich/Ni-lean austenite. The C-rich/Ni-lean austenitic
regions will transform into pearlite during cooling and will be surrounded by the transformed Ni-rich
ferritic rings from Ni-rich/C-lean austenitic regions [16]. The presence of these weak ferritic rings
around pearlite caused the difference between the degree of crack deviation in heterogeneous and
homogeneous microstructures.

Figure 12. The ratios of the volume fraction of each phase in the crack path to its amounts in the
material, for admixed PM steel at different R-ratios.

According to Figure 12, the crack has mostly passed through Ni-rich ferritic rings in the
heterogeneous microstructure of admixed PM steels specimens. As stated above, Ni rich ferrite
forms at the periphery of particles and/or sinter necks. Therefore, the results clearly indicate that the
crack has propagated through prior particle boundaries in accordance with the intergranular nature of
fracture characterized in SEM. Figure 13 shows a secondary crack in Ni-rich ferritic sinter necks in
admixed PM steel. Retained austenite regions are formed mainly where the prior nickel particles were
located. Therefore, these regions are also present at prior particle boundaries. Hence, it is expected that
these regions were also being passed by the crack according to the intergranular nature of the fracture.
On the other hand, the volume fraction of retained austenite along the crack path is less than half of its
amount in the bulk material. This indicates that although these austenitic regions have relatively low
strength, they are not preferred areas for fatigue crack propagation at least in comparison with Ni-rich
ferritic regions. This can be related to the inherent ductility and toughness of retained austenite [8].
It should be mentioned that these conclusion were made based on the microstructure of one of the
common admixed PM steels (FN0208) that usually have 10 vol. % of retained austenite and the results
might be different when larger volume fractions of retained austenite are present.

These measures were only made on one half of the fractured surfaces, so it is important to
understand and characterize the other half as well. In other words, to verify the above conclusions
on fatigue cracks propagating preferably through specific microstructural phases, the other side
of the crack path also needs to be investigated. On the other hand, aligning matching fracture
surfaces is a daunting task especially when the latter where Ni-coated for metallography preparation.
Thus, a strategy was devised using statistical techniques. Random micrographs were taken from each
admixed PM steels’ samples and the volume fractions of different prior particle boundaries were
measured. Figure 14 shows a pie chart of the present prior particle boundaries in the admixed PM
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steels series. This chart shows the probability of the presence of different phases on the other side
of the crack. It can be seen that the highest percentage of the prior particle boundaries (65.36%) is
between Ni-rich ferritic regions, and 30% of the boundaries correspond to retained austenite and
ferrite. Therefore, it can be said that the previous conclusions about the preferred crack path through
the Ni-rich ferritic regions is valid due to the high possibility of the presence of the same phase on the
other side of the crack.

Figure 13. SEM micrograph of the fracture surface of the admixed PM steel at R = 0.5. A secondary
crack has passed through a sinter neck.

Moreover, the amount of ferrite in the crack path will still be much larger than its amount in
the bulk material even when considering the possibility of the presence of retained austenite in the
other half. Figure 14 also shows that 4.5% out of 6% porosity of the admixed PM steels are located
on ferritic boundaries. This amount should be subtracted from the calculated amount of ferrite along
the crack path to obtain the exact volume fraction of this phase. This means that the crack has passed
through pores as well as the microstructural phases but this was not distinguishable when measuring
the volume fraction of each phase along the crack path.

Figure 14. The pie chart of the present prior particle boundaries in admixed PM steels
(F–F = Ferrite–Ferrite boundary; F–RA = Ferrite–Retained Austenite boundary).

According to Figures 5 and 9, it can be seen that at R = 0.3 and 0.5 fatigue crack growth rate is
almost the same for both PM steels even though the crack path is more deviated in the admixed series
with a heterogeneous microstructure. In the admixed PM steel with a heterogeneous microstructure
made of pearlite, retained austenite and Ni-rich ferrite, the latter phase is responsible for crack
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deviation, whereas in the homogeneous pearlitic microstructure of the pre-alloyed PM steel, it is the
cementite lamellae that are causing the tortuous crack path. Having the same FCGs while having
different degrees of crack tortuosity could be related either to the small difference in their degree of
crack tortuosity and/or the fact that the crack deviation is not the only parameter affecting the fatigue
crack propagation rate. It was previously reported that crack deflection increases the fatigue resistance
of a material but its contribution is small [30].

The reason for having the same FCGs in two microstructures with different crack path tortuosity is
most likely related to the higher fatigue crack propagation rate in low strength Ni-rich ferrite compared
to high strength pearlite. In other words, a fatigue crack propagated faster in Ni-rich ferrite with a
more tortuous path and consequently the combination of these two caused the same fatigue crack
growth rates as the one with a less tortuous crack path in pearlite with higher strength. Hence, inherent
properties such as the strength of the microstructural phases in which the crack propagates should also
be considered along with the crack path deviation. Higher fatigue crack growth rates in ferritic regions
were also observed in a previous paper on the fatigue behavior of sinter-hardened PM steels [27] as
well as reported by Deng et al. [20]. Therefore, care should be taken when selecting PM steels for
applications where fatigue resistance is important. Chemistry as well as alloying strategy should be
selected to minimize the formation of Ni-rich ferrite.

5. Conclusions

In the present study, the effect of microstructure heterogeneity on fatigue crack propagation
was studied to better understand the fatigue crack growth behavior of two common PM steels with
heterogeneous and homogeneous microstructures. The main findings of our work are summarized
as follows:

Fatigue crack growth rates in both types of alloys increased by increasing the R-ratio. This was
the result of the higher monotonic contribution and strain localization at the crack tip by increasing
minimum loads. PM steel with a homogenous microstructure showed slightly higher sensitivity to the
strain localization and crack tip plasticity.

Different crack closure mechanisms were involved in both PM steels, which have caused the
observed anomaly in the variation trend of crack closure versus the R-ratio. Plasticity induced
crack closure caused by the plastically deformed area in the wake of the crack as well as the
roughness-induced crack closure caused by the crack deflection and/or the mixed mode sliding
of the crack faces acting synergistically are the most probable mechanisms.

Profile roughness parameter (RL) was larger than 1 for both PM steels at all tested R-ratios showing
the tortuous and deflected crack path in both heterogeneous and homogeneous microstructures.
The presence of a considerable amount of pearlite in both alloys was found to be the reason for the
observed deflection, since cracks had their path significantly deviated when facing the hard cementite
lamellae. The crack path was longer and more deviated in the heterogeneous microstructure of the
admixed PM steel because of the Ni-rich ferritic rings around the pearlitic grains. The fatigue fracture
surfaces showed that the prinicpal mode of fracture was the intergranular one, but by increasing the
R-ratio the percentage of transgranular, fracture increased.

Although the presence of Ni-rich ferritic rings around the pearlitic grains in heterogeneous
microstructure PM steel have caused the more deviated crack path, the fatigue crack growth rates
in this alloy were almost identical to the pre-alloyed one with homogeneous microstructure, which
indicates that the crack propagates faster in Ni-rich ferrite than in pearlite. This higher propagation rate
is counterbalanced by the crack deviation and led to the same FCGs in both microstructures. The crack
passed along the prior particle boundaries where the retained austenite was located, but it did not
pass through this phase, indicating that austenitic regions do not constitute preferable paths compared
to Ni-rich ferritic areas. The statistical analysis of the other half of the fracture surface verified the
conclusions made on the effect of each phase on the crack propagation.
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PM steels to be used in applications where fatigue resistance is a dominant factor should be
engineered to minimize the formation of Ni-rich ferritic areas.
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Abstract: High-frequency impacting and rolling was applied on AZ31B magnesium alloy to obtain a
gradient nano-structured surface. Surface characteristics were experimentally investigated, and the
nanocrystallization mechanism is discussed in detail. Results showed that the gradient nano-structure
with the characteristics of work hardening, compressive residual stress and a smooth surface
was induced on the treated surface. Grains on the top surface were generally refined to around
20 nm. Twins, dislocations and dynamic recrystallization dominated the grain refinement process.
Fatigue strength of the treated specimens corresponding to 107 cycles was increased by 28.6%
compared to that of the as-received specimens. The work hardened layer induced by high-frequency
impacting and rolling is the major reason to improve fatigue life.

Keywords: severe plastic deformation; hardening; twins; fatigue; compressive residual
stress; nanocrystallization

1. Introduction

Magnesium alloys are extensively used in aerospace, electronics, military and other industry
fields for weight reduction effectiveness [1–3]. However, the application of magnesium alloy has
been limited by its low absolute strength and poor fatigue performance. The above problems
will hopefully be resolved with the rapid development of surface strengthening technology [4–6].
Surface nanocrystallization induced by severe plastic deformation (SPD) has been drawing more
and more attention in recent years [7–9]. Current surface strengthening methods generally include
shot peening (SP), ultrasonic shot peening (USP), surface mechanical attrition treatment (SMAT),
cryogenic burnishing, etc. The past studies showed that SPD on the material surface can effectively
improve the fatigue performance of structural components. For example, Gao [10,11] investigated the
influence of SP on the tension-tension fatigue properties of two kinds of high strength Ti alloys and
found that fatigue strength for 1 × 107 cycles can be increased by 27%–29%. Arakawa et al. [12] studied
the effect of USP on the fatigue characteristics of high strength structural materials of hydroelectric
facilities, and the results showed that the fatigue limit of the treated material was approximately
increased by 60%. For the high strength materials, the higher compressive residual stress can be
formed and maintained after surface strengthening treatment, and the fatigue properties can be
better improved [13,14]. As to low strength materials (magnesium or aluminum alloy), the lower
compressive residual stress induced by surface strengthening treatment is easily relaxed at the moment
a random or occasional high load appears, which will result in a limited improvement of fatigue
properties. Therefore, it is unusual to improve the fatigue properties of low strength materials by
surface strengthening treatment. For example, Lu et al. only studied the surface nanocrystallization
mechanism of magnesium alloy based on SMAT technology [6]. Tsai et al. [15] also only analyzed the
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relationship between the microstructure and properties for different processing parameters of SMAT.
Jordan Moering et al. studied the microstructural and textural development along the depth under
the effect of SMAT by electron backscattered diffraction (EBSD) [16]. Pu et al. [17] proposed a new
method called cryogenic burnishing. For the Mg-Al-Zn alloy treated by cryogenic burnishing, a large
increase in microhardness from 0.86–1.35 GPa was obtained, and grains were refined from 12 μm
down to 263 nm. However, the fatigue performance of Mg-Al-Zn alloy based on cryogenic burnishing
treatment still has not been studied.

Generally, SPD methods are easy to result in the increase of surface roughness, cause a large
stress concentration and deteriorate the improvement of fatigue life. High-frequency impacting and
rolling (HFIR) as a kind of newly-developed surface nanocrystallization technology has been attracting
more and more attention in recent years. HFIR treatment can generate a gradient nano-structured
surface, as well as significantly reduce surface roughness. In this study, HFIR was used to treat
AZ31B magnesium alloy to obtain a gradient nano-structured surface. Then, the nanocrystallization
mechanism was discussed in detail, and the effect of surface nanocrystallization on the fatigue fracture
mechanism of magnesium alloy was analyzed.

2. Material and Experiments

2.1. Material

The material used was AZ31B magnesium alloy, and the microstructure is shown in Figure 1,
which consists of unevenly-equiaxed grains and a small amount of second β-Mg17Al12 phase
precipitating along grain boundaries. The yield strength and the ultimate tensile strength through
experimental measurement are about 174 MPa and 246 MPa, respectively.

Figure 1. The microstructure of AZ31B magnesium alloy.

2.2. Fatigue Specimen and HFIR Treatment

The basic principle of HFIR treatment is similar to the ultrasonic surface rolling process proposed
by Wang [18–20]. However, HFIR has a higher frequency, which can ensure the uniformity of grain
refinement. Before fatigue tests, the hour glass specimen shown in Figure 2 was treated by HFIR.

The detailed processing parameters include impacting frequency of ~27 kHz, an amplitude
of ~7.0 μm, a rotating speed of 110 r/min, a feed quantity of 0.1 mm/r and a suitable static force.
The tension-tension axial fatigue tests of as-received and HFIR specimens were performed on a 20 kN
high-frequency fatigue testing machine (CIMACH, Changchun, China) under constant amplitude load
with the stress ratio R = 0.5 at room temperature to evaluate the effect of the applied treatments on the
fatigue strength.
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Figure 2. The hour glass fatigue specimen and high-frequency impacting and rolling (HFIR)
schematic diagram.

2.3. Microstructure Observation

The overall appearance of the deformed layer was observed by an Axio Imager A1m type of
optical microscope (OM, ZEISS, Oberkochen, Germany). The microstructures of the top surface, 80 μm
and 160 μm from the treated surface were examined by a JEM-2100F type of transmission electron
microscopy (TEM, JEOL, Tokyo, Japan). For TEM examination, flat specimen instead of round bar
specimen was used to get the thin slices of different depths. HFIR parameters for the flat specimen
are the same as those for the round bar specimen. Only rotating feed of the round bar specimen was
replaced by the linear feed of the flat specimen. Fatigue fractures were investigated through a VEGA3
type of scanning electron microscope (SEM, TESCAN, Brno, Czech Republic).

2.4. Surface Roughness, Microhardness and Residual Stress Measurements

Surface roughness was detected using a 2201 type of surface roughness tester (Harbin Measuring
and Cutting Tool Group Co., LTD, Harbin, China). Surface roughness (Ra) after HFIR was decreased
from 1.38 down to 0.121. Such low surface roughness is hardly realized by other SPD methods.
Microhardness variation from the top surface to the interior was determined by an MH-3 Vickers
microhardness tester (Shanghai Hengqi Precision Machinery Plant, Shanghai, China) with a load of 100
g and loading time of 10 s. The X-ray scattering technique was used to test residual stress profiles [19].

3. Results and Discussion

3.1. Microstructure and Microhardness Distribution of the Work-Hardened Layer

Figure 3 presents the cross-sectional microstructure of HFIR specimen. Clearly, due to the effect
of high-frequency impacting, the microstructure of material surface is distinctly smaller and denser
compared with that of matrix. Meanwhile, the constant rolling pressure also caused the plastic slip of
the surface material, which is marked by the yellow arrows.
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Figure 3. The cross-sectional microstructure of the HFIR specimen.

The thickness of work hardened layer is around 210 μm, which can be clearly distinguished from
the matrix (see the red line in Figure 3). The thickness of the work-hardened layer was also estimated
through the variation of microhardness along depth direction, as shown in Figure 4.

Figure 4. The cross-sectional microhardness of as-received and HFIR specimen.

The measurement results indicated that the highest microhardness was obtained on the top
surface and then decreases gradually as going into the matrix. This microhardness variation was
caused by the gradient nanostructure from the top surface to the matrix.

3.2. Discussion of Surface Strengthening Mechanism

With the increase of plastic deformation, twins, dislocations and dynamic recrystallization (DRX)
gradually dominate the surface nanocrystallization process, which has been studied by Lu et al. [6]
based on AZ91D alloy treated by SMAT. Here, the surface strengthening process of AZ31B alloy treated
by HFIR was further investigated through TEM.

3.2.1. The 160-μm Deformed Layer from the Top Surface

The TEM bright field image at about 160 μm below the top surface of the treated AZ31B alloy is
shown in Figure 5. As can be observed, the deformed twins or lath-like substructures with a width of
300–500 nm have been produced in some original grains. A large amount of dislocations and dislocation
tangles can be observed in these twins or lath-like substructures in Figure 5a. In addition, dislocation
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cells were also found in this deformed layer (see Figure 5b). There is still a regional deformed feature
under the condition of relatively homogeneous plastic deformation in the same deformed layer.

Figure 5. TEM image of the 160-μm deformed layer from the top surface. (a) Twins and
(b) dislocation cells.

3.2.2. The 80-μm Deformed Layer from the Top Surface

The TEM bright field image at about 80 μm below the top surface is shown in Figure 6. Some clear
boundaries of sub-grains have been formed in this layer, and the size of sub-grains has reached around
200 nm. Meanwhile, there is a high density of dislocations and dislocation tangles around black
precipitated phases in part of the sub-grains. These sub-grains will be further separated by the above
high density of dislocations at the next stage. For example, the smaller Sub-grains A and B in Figure 6
have been nearly formed under the effect of dislocations activities.

Figure 6. TEM image of the 80-μm deformed layer from the top surface.

3.2.3. The Top Surface after HFIR Treatment

Figure 7 showed the TEM bright field image and corresponding selected area diffraction (SAD)
pattern obtained at the top surface of HFIR specimen. The bright field image indicates that the vast
majority of sub-grains have been turned into equiaxed nanocrystals with clear boundaries, and the
average size is measured to be around 20 nm. As shown in Figure 7b, the SAD pattern is composed of
partially continuous diffraction rings, which further confirms that as-received large crystalline grains
have been broken down to nanograins at this layer.
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Figure 7. The TEM image of the top surface after HFIR treatment. (a) Nanocrystals and (b) SAD pattern
corresponding to (a).

From the above TEM images, it can be concluded that the plastic deformation was governed by
twinning at the early stage, and then, the non-basal dislocation slip systems were activated. With the
increase of dislocation movement, sub-grains were gradually formed, and finally, nanocrystals were
generated. In addition, Tan et al. [21], Myshlyaev et al. [22], Eddahbi et al. [23] and Galiyev et al. [24]
reported that the DRX as an important grain refinement mechanism was observed in Mg alloys when
grain size was refined to the micrometer range. Lu et al. [6] reported the effect of DRX on grain
refinement of Mg alloy in the nanometer scale. HFIR has a higher impacting frequency, which can
generate a higher strain rate and decrease the DRX temperature. Therefore, DRX is also an important
grain refinement mechanism for the AZ31B magnesium alloy treated by HFIR technology. Figure 8 is a
typical example of the newly-formed grains (A and B) in the severely deformed twin platelet near the
twin interface.

Figure 8. The TEM bright field image of the newly-generated grains through DRX.

3.3. S-N Curves

Fatigue data (nominal stress vs. cycles) of as-received and HFIR specimens were done in a linear
fit in the double logarithm coordinate (confidence level of 95%). Fatigue S-N curves of as-received
and HFIR specimens are shown in Figure 9. The run-out tests are marked by arrows. The fatigue
strength of HFIR and as-received specimens corresponding to 107 cycles is about 180 MPa and 140 MPa,
respectively. The former shows an improvement of almost 28.6% with respect to that of the latter.
Although the improvement of 28.6% is not very high compared to the results of high strength steel
treated by shot peening [10,12], such improvement is still considerable because of the low absolute
strength of magnesium alloy.
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Figure 9. S-N curves of as-received and HFIR specimens.

3.4. Discussion of Fatigue Life Improvement

It is known that the fatigue fracture contains three stages, which are crack initiation,
crack propagation and instantaneous fracture. The previous study had shown that the crack initiation
stage could account for ~90% of the total fatigue life [25], and if the crack initiation point starts from
the specimen interior, the fatigue properties will be significantly improved. Therefore, it is necessary
to investigate the positions of fatigue crack sources of as-received and HFIR specimens. By comparing
fracture surfaces of as-received and HFIR specimens, it is found that the positions of crack sources
were different. All crack sources of as-received specimens initiated from the top surface (Figure 10a),
while part of the crack sources of HFIR specimens initiated at the subsurface. For example, Figure 10b
showed that one crack source of the HFIR specimen was found in the subsurface.

Figure 10. Fracture surfaces of as-received and HFIR specimen. (a) as-received specimens and
(b) HFIR specimens.

First, the relatively higher surface roughness or worse surface smoothness of the as-received
specimen generated by machining marks can easily cause stress concentration, and the crack source
was prone to form at the top surface. After HFIR, the surface roughness of the specimen was decreased
to Ra = 0.121. Generally, the decrease of surface roughness will effectively reduce surface stress
concentration and delay crack initiation.
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Second, except for the smooth surface, which can prolong the time of crack initiation, the in-depth
residual stress also plays an important role. Figure 11 shows the residual stress distribution of the
HFIR specimen. The results indicate that the top surface and subsurface of HFIR specimen are covered
by the compressive residual stress, which can effectively hinder crack initiation and promote crack
stopping; this viewpoint has been widely demonstrated [26,27]. Therefore, the compressive residual
stress in the surface layer is a factor to change the position of the crack source and improve fatigue life.

Figure 11. Residual stress distribution of the HFIR specimen.

In addition, McDowell Tanaka [28] illustrated that a high volume fraction of grain boundaries can
stop dislocation sliding and restrain crack initiation. From Figures 6 and 7, it can be seen that grain
refinement is quite obvious. Therefore, the grain refinement is also a factor to improve fatigue life by
stopping dislocation sliding and restraining crack initiation. As the grain refinement process continues,
the work hardened layer is formed (see Figure 4). The characteristics of high dense dislocation walls,
dislocation tangles and sub-grains in the hardened layer can result in a lower crack propagation rate,
which has been proven by Suresh and Li [25,26]. Thus, the work hardening is also a factor to influence
fatigue life.

As we know, there are many methods related to fatigue life prediction and assessment [29,30].
However, in order to predict and evaluate the main factors that improve fatigue life after HFIR
treatment, the correction formula of Baghrifard and Guagliano [31,32] based on the Eichlseder
approach [30] by considering the ratio of the Cs coefficient and the ratio of FWHM for shot-peened
specimen was referenced and described in Equation (1) [31].

σ f = σt f

[
1 +

(
σb f

σt f
− 1

)(
χ′

2/b

)KD
](

FWHMP
FWHMNP

)(
CsP

CsNP

)
(1)

where σ f is the fatigue limit; σt f is the fatigue limit in tension; σb f is the fatigue limit in bending; χ′ is
the relative stress gradient (RSG); KD is the material parameter; b is the size parameter of the specimen;
FWHMP is the full width at half maximum of the peening specimen; FWHMNP is the full width at
half maximum of the non-peening specimen; CsP is the surface roughness of the peening specimen;
CNP is the surface roughness of the non-peening specimen.

High-frequency impacting and rolling, the same as shot peening, also belongs to the surface
strengthening method. Equation (1) is the fatigue criteria corresponding to the notched specimen.
The ratio of the Cs coefficient and the ratio of FWHM are irrelevant to the stress gradient.
Therefore, the effect rule of the ratio of Cs coefficient and the ratio of FWHM on fatigue life are
also fit for the non-notched specimen.

The surface strain hardening index of FWHM was obtained from XRD analysis. In this study,
the FWHM value of the HFIR specimen was improved by 20.1% compared to that of the as-received
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specimen. From Figure 9, we can know that HFIR specimens showed a fatigue strength improvement
of almost 28.6% with respect to that of as-received specimens. Therefore, the work hardening is the
most important factor to improve the fatigue properties of the HFIR specimen in this study.

As for the Cs coefficient, the surface of the as-received specimen before fatigue tests was polished
by fine sandpaper along the axial direction of the specimen. Although the value of surface roughness
is still larger, the micro-marks are parallel to the axial direction. For the tensile-tensile axial fatigue test,
micro-marks in the axial direction will not produce a greater effect on the fatigue crack initiation.

For the residual stress, the value of compressive residual stress on the top surface of the
magnesium alloy specimen treated by HFIR is lower than that of the high strength steel specimen
treated by HFIR, and the compressive residual stress is easily relaxed when a random or occasional
high load appears during fatigue tests.

To be sure, the smooth surface and compressive residual stress generated by HFIR played a
positive role to improve fatigue life, but their effects are not the most important. The work hardening
caused by HFIR is the key factor to influence the fatigue properties of magnesium alloy in this study.

3.5. Fatigue Fracture Process

The effect of the fatigue crack initiation stage on fatigue life has been systematically discussed
in the previous section. As for the crack propagation and instantaneous fracture stages, the images
corresponding to Figure 10 are shown in Figure 12. For the as-received specimen, fatigue cracks
propagated in terms of the transcrystalline and crack propagation region presented fine striations.
The orientation of fatigue striations is consistent and perpendicular to the direction of the
crack propagation (Figure 12II). However, for the HFIR specimen, the orientation of the fatigue
striations is relatively random due to the complex stress state in the subsurface (Figure 12V).
The instantaneous fracture stages of the as-received and the HFIR specimen are characterized by
transcrystalline ductile fracture with an equiaxed (Figure 12III) and tearing (Figure 12VI) type of
dimple morphology, respectively.

Figure 12. The high magnification images of as-received and HFIR specimens corresponding to
Figure 10. (II) Crack propagation region of as-received specimen and (III) Instantaneous fracture region
of as-received specimen. (V) Crack propagation region of HFIR specimen and (VI) Instantaneous
fracture region of HFIR specimens.
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4. Conclusions

The present work investigates the surface nano-enhanced mechanism and fatigue properties of
AZ31B magnesium alloy subjected to HFIR treatment. After HFIR, grain refinement, work hardening,
compressive residual stress and a smooth surface were induced on the surface of specimen. Grains were
refined to equiaxed nanocrystals with an average size of 20 nm. The fatigue strength of HFIR specimens
corresponding to 107 cycles was increased by 28.6% compared to that of as-received specimens.
All crack sources of the as-received specimen initiated from the top surface, while part of the crack
sources of the HFIR specimen initiated at the subsurface. The work hardening caused by HFIR is the
most important factor to influence fatigue properties.

This study proved that the surface nano-enhanced method based on HFIR technology will have
a good industrial application value in the prolonging life field.
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Abstract: In this paper, we explore the effect of a long solidification time (12 h) on the mechanical
properties of an EN-GJS-400-type ferritic ductile cast iron (DCI). For this purpose, static tensile,
rotating bending fatigue, fatigue crack growth and fracture toughness tests are carried out on
specimens extracted from the same casting. The obtained results are compared with those of
similar materials published in the technical literature. Moreover, the discussion is complemented
with metallurgical and fractographic analyses. It has been found that the long solidification time,
representative of conditions arising in heavy-section castings, leads to an overgrowth of the graphite
nodules and a partial degeneration into chunky graphite. With respect to minimum values prescribed
for thick-walled (t > 60 mm) EN-GJS-400-15, the reduction in tensile strength and total elongation is
equal to 20% and 75%, respectively. The rotating bending fatigue limit is reduced by 30% with respect
to the standard EN-1563, reporting the results of fatigue tests employing laboratory samples extracted
from thin-walled castings. Conversely, the resistance to fatigue crack growth is even superior and the
fracture toughness comparable to that of conventional DCI.

Keywords: heavy-section ductile cast iron; chunky graphite; fatigue limit; fatigue crack growth
resistance; fracture toughness

1. Introduction

Low production cost and excellent castability make ductile cast iron (DCI) the preferred material
choice when low-to-moderately stressed mechanical components of complicated shape and large
dimensions must be manufactured. It is used in many applications where strength and toughness
are required, such as automotive parts, windmill parts, pipes, etc. The microstructural control of
DCI is of paramount importance as it greatly influences a wide range of mechanical properties.
The typical microstructure consists of graphite nodules dispersed in a matrix that can be ferritic,
ferritic and/or pearlitic depending on the alloy formulation, the casting control and the final heat
treatment [1,2]. The ferritic matrix displays usually the lower tensile and fatigue strength but also
a noticeable ductility, which have promoted the DCI in the production of thick walled parts undergoing
in service low/medium levels of mechanical stresses.

Casting large volume parts of weight on the order of tens of tons is particularly critical as the
control of the final microstructure is rather difficult [3–5]. Consequently, solidification defects cannot
be completely avoided, their presence must be somehow tolerated and different strategies are pursued
to limit their detrimental effects. Typical design approaches are either to force the localization of the
heterogeneous microstructure in regions undergoing very low “in service” stress levels or in regions
that are removed during finishing operations. The choice is strongly connected to the knowledge of the
detrimental effects of the microstructural defects on the mechanical behavior, specifically ductility and
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fatigue behavior [3]. The fatigue performance of DCI with different microstructures is widely analyzed
in the technical literature [2–9]. Notably, Meneghetti et al. [6] showed the results of an extensive
experimental study comparing different microstructures in a large range of fatigue lives. It can be
observed that quite often, in research papers, fatigue tests are carried out on specimens taken from the
Y-block or from small laboratory casting batches, thus accounting only partially for the heterogeneous
microstructure arising in real parts. In fact, the final microstructure can be efficiently controlled in small
materials batches, whereas, in real part, especially thick-walled components [3,4], some intrinsic defects
are unavoidable. The difficult control of the casting process introduces into the material intrinsic defects,
such as solidification cavities or poor graphite nodularity, dross and degenerated (chunky and spiky)
graphite, which can be tolerated up to a certain level. Many works [1,3–5,7,10–12] found that these
defects are preferential fatigue crack initiation sites; therefore, their distribution and the morphology
are of particular importance when designing against fatigue. The results of laboratory tests are very
useful for defining the role of the graphite morphology in the propagation of fatigue cracks through
the specimen cross section [2,9–13]. In addition, the size and uniformity of distribution of graphite
nodules can affect the properties of DCI, but with a lower effectiveness than graphite shape [14].
Indeed, graphite spheroids act like “crack-arresters” promoting the mechanical properties of the matrix;
on the contrary, the presence of irregular shapes or non-spheroidal graphite such as chunky, exploded,
spiky, vermicular and intercellular flake graphite worsens the mechanical properties. All these
degenerated graphite morphologies are usually present in thick-walled components. The main
factors that influence the degeneration of the graphite are the chemical composition and the cooling
rate, especially in the case of the chunky graphite, which is the most frequent defect in heavy
sections and is mainly observed in the thermal core [15–19]. In the technical literature, various
theories have been proposed to explain the metallurgical processes responsible for the formation
of chunky graphite [20–24] but none have received unanimous agreement. Nevertheless, it is well
known that the chunky graphite is favored by high concentration of Si, Ni, Ca and carbon equivalent
elements [25–27]. Small amounts of rare earth elements such as Ce, Nd, Pr, Sm and Gd induce
graphite spheroidization [28–30]; however, if their concentration becomes excessive, they provoke the
formation of chunky graphite due to the segregation at austenite grain boundaries [28,29]. The graphite
morphology is influenced by another important factor that is also difficult to control in heavy-section
castings, viz. the cooling rate [31–33]. Fast cooling allows a quick enveloping of graphite nodules by a
shell composed of several austenite grains [34]. This helps to maintain the spheroidal graphite shape.
The formation of the austenitic shell is delayed at low cooling rates. In this situation, liquid channels
separate the austenitic grains and allow a longer contact time of the spherical graphite with the melt.
Through these channels, carbon atoms diffuse towards the spheroidal graphite, causing their growth
and degeneration [35]. Low-melting elements such as Al, Sn, and Pb tend to segregate thus delaying
the formation of the austenite shell [34]. A similar effect is shown by segregating elements such as Mn,
Mo, Cr, W, V and Ti, which are concentrated in the liquid channels [34]. A proper inoculation is an
important factor to improve the nucleation factor of the melt, increase the nodularity and nodule count
and reduce the carbides formation [36]. On the other hand, melt inoculation induces an increasing risk
of chunky graphite formation in thick-walled components [37].

The mechanical properties are influenced by microstructure and solidification defects,
and specifically the increase in non-nodular graphite content decreases the mechanical strength;
indeed, the ultimate tensile strength and mostly the elongation to fracture are severely lowered,
despite hardness and yield strength remain nearly unaffected [38,39]. Regarding the effect of
the chunky graphite on the fatigue performance, different works have been published [11,40–42].
Mourujärvi et al. [40] analyzed the performance of a normalized DCI EN-GJS-800 containing different
quantities of chunky graphite through rotating bending fatigue tests. They showed that the increase
of chunky content up to 20% and more induces a significant decrease in fatigue lifetime, with a drop
of fatigue limit on the order of 30%–40%. In another study [41], uniaxial pulsating fatigue tests were
performed on ferritic DCI containing 40% of chunky graphite. In this case, a quite limited decrease
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in fatigue resistance is attained, with a reduction of fatigue limit of only 14%, whose main cause has
been attributed to the presence of microporosities. Indeed, different works [43–45] showed that the
fatigue limit is much more sensitive to surface defects than internal defects, where it is observed that
micro-shrinkage cavities strongly influence the fatigue behavior of DCI castings. Foglio et al. [42]
conducted fatigue tests on two different EN-GJS-400 DCI, in one of which the chunky graphite
formation was induced by adding Ce-containing inoculants. Using a statistic analysis and applying
the Murakami equation [39,46] to correct for the contribution of microporosity on the fatigue strength
reduction, they estimated a decrease in the fatigue limit due to chunky graphite of 12%, which reflects
a comparable drop in tensile strength equal to 14%.

From the above discussion, it is clear that the effect of chunky graphite on static and cyclic
properties has been largely investigated in the literature. However, the design of high-added value
components of large dimensions, such as those employed in MW-series wind turbines [47], cannot rely
on the knowledge of these mechanical properties only. In fact, infinite life design approaches usually
take large safety margins thus resulting in very heavy constructions, while safe life approaches
suffer from large uncertainty on the actual lifetime of the component prior to its withdrawal from
service. Damage tolerant design and structural health monitoring approaches have been then
proposed to overcome these limitations. They were originally developed in the aeronautic context
and have now been extended to the wind energy branch, especially in offshore and hardly-accessible
installations [48,49]. According to these approaches, the fatigue life is exclusively thought of as
the propagation of cracks up to a critical size leading to structural collapse or functionality loss.
Therefore, they require a detailed characterization of the fracture toughness and the fatigue crack
growth resistance of the castings in order to assess the critical crack size and the time to propagation
to this critical value. In the present paper, we address this latter issue by investigating the crack
growth resistance of a DCI produced under very slow cooling conditions, thus representative of the
microstructural conditions arising in thick walled castings. For this purpose, static tensile, fatigue
and fracture mechanics tests are performed to quantify the resistance to fatigue crack initiation
and propagation as well as the fracture toughness. The paper is organized as follows. Section 2
describes the casting procedure followed to obtain a microstructure with degenerated chunky
graphite and the experimental methods adopted for determining the mechanical properties. Section 3
illustrates the experimental results and discusses them on the basis of comparisons with literature data.
The conclusions close the paper.

2. Material and Experimental Procedures

The experimentation is performed on an EN-GJS-400-type ferritic DCI, whose chemical
composition is listed in Table 1. Small-scale castings are obtained from an innovative production line
described in [50] and designed to reproduce the solidification conditions of heavy-section castings
(with masses of tens of tons). It consists of an electric furnace where the solidification of a cylinder
with 240 mm diameter and 260 mm height (about 80 kg mass) takes place under controlled conditions.
The mold is made up of a special alumina-based refractory crucible, suitably designed to contain the
liquid cast iron and to be handled with cast iron inside. The crucible is preheated at 1200 ◦C in the
electric furnace, and then it is removed from the furnace and filled with the cast iron at 1350–1370 ◦C.
The crucible is covered with a kerphalite lid and placed back into the furnace, setting the power control
of the furnace to the desired solidification time. The furnace is maintained under inert Ar atmosphere
to avoid melt exposure to oxygen. The cooling phase is monitored using a thermocouple inserted into
the casting through the lid, and the cooling curve, shown in Figure 1, is recorded by means of a data
logger with 30 s sampling time. It can be noted that the solidification time is about 12 h and that the
eutectic phase transformation takes approximately 10 h. A specific testing campaign conducted in [50]
on coupons extracted from both heavy-section and small-scale castings demonstrated the capability of
the present experimental method to produce very similar microstructural conditions.
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Table 1. Chemical composition of the investigated ferritic ductile cast iron (wt %), balance Fe.

C Si Mn Cu Sn S Mg Cr P

3.59 2.51 0.23 0.11 0.0031 0.0109 0.0462 0.043 0.044

Figure 1. Record of the temperature measured by a thermocouple inserted into the casting during the
solidification phase.

The microstructure is characterized by conventional metallographic analyses. Samples are
mounted and ground from 220 to 4000 mesh SiC abrasive papers. The final polishing is done using
a 3-micron diamond paste followed by a 0.04-micron alumina suspension. Nital etching is used to
reveal the microstructure. Quantitative analysis is conducted using image analysis software ImageJ®.

Monotonic tensile tests are performed according to the standard UNI EN ISO 6892-1 on dog-bone
coupons (14 mm gauge diameter, 84 mm parallel length), shown in Figure 2a, using a servo-hydraulic
universal testing machine, equipped with hydraulic grips, a load cell of 200 kN. The yield strength is
determined as the 0.2% offset yield stress.

Figure 2. Cont.
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Figure 2. Geometry of the specimens used in the present experimentation. (a) Dog-bone samples used
for monotonic tensile tests; (b) Uniform-gage test section samples used in rotating bending fatigue
tests; (c) Compact tension C(T) specimens used in fracture mechanics tests. Dimensions are given in
mm. The thickness B of the C(T) specimens is equal to 10 mm and to 32 mm for fatigue crack growth
rate and fracture toughness tests, respectively.

Brinell hardness is measured by using a B3000 J hardness tester (Mechatronic Control System,
Ichalkaranji, India) equipped with a 10 mm diameter sphere and applying a load of 29.4 kN. For each
sample, at least three measurements are performed and the average value is calculated.

Fatigue tests are performed on hourglass specimens depicted in Figure 2b according to the
standard ASTM E466. Rotating bending fatigue tests (load ratio R = −1) are carried out under
load-control at a nominal frequency of 100 Hz in laboratory environment (25 ◦C, 60% R.H.). The fatigue
strength corresponding to a fatigue life of 5 × 106 cycles is obtained by a staircase procedure, employing
15 samples and 10 MPa stress increments. Fatigue fracture surfaces have been investigated using a JEOL
(Japan Electron Optics Laboratory Company, Ltd., Akashima, Japan) JSM-IT300LV scanning electron
microscope (SEM) (Japan Electron Optics Laboratory Company, Ltd., Akashima, Japan) equipped with
an EDXS probe for quantitative chemical analysis.

The fracture mechanics tests are carried out on compact C(T) specimens whose geometry,
compliant with the standard ASTM E1820-09, is illustrated in Figure 2c. Specifically, KIc fracture
toughness and fatigue crack growth rate tests are performed on 32 and 10 mm thick specimens,
respectively. The initial notch of all C(T) specimens is Electro Discharge Machined (EDM) with a wire
of 0.5 mm diameter to facilitate the follow-up pre-cracking process.

The fatigue crack growth rate testing is performed according to the standard ASTM E647-08.
The experiments are conducted in the laboratory environment on a resonant testing machine
Rumul (Russenberger Prüfmaschinen, AG, Neuhausen am Rheinfall, Switzerland) Testronic 50 kN.
A sinusoidal pulsating load waveform is applied at a frequency of ~100 Hz. Tests are performed at
three load ratios R, namely 0.1, 0.5 and 0.75. A Fractomat® (Augustine, FL, USA) apparatus based
on the indirect potential drop method is used to continuously measure the crack length. For this
purpose, a crack length foil (Krak gage® (Augustine, FL, USA)), consisting of a conducting layer on
an electrically insulating backing, is bonded on one side of the C(T) sample and then connected to
a signal conditioning module, whose output can be used to feed-back control the testing machine.
Periodically, the crack length on the back face of the sample is inspected using a travelling microscope
to make sure that the two crack lengths do not differ by more than 0.25 times the sample thickness,
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as prescribed by the standard ASTM E647-08. The crack growth rates are calculated from discrete
crack length increments of 0.3 mm, necessary for sampling the fatigue crack growth resistance of
the fairly coarse material microstructure. The tests are performed in two distinct phases. In the
initial force-shedding phase, the applied ΔK is exponentially reduced by setting the decay constant
C = − 1

K
dK
da = 0.08 mm−1 until reaching near-threshold fatigue crack growth conditions. A specific

testing campaign, further described in the following, has been carried out to identify the minimum
crack size requested to fully develop the extrinsic crack growth resistance mechanisms of the material,
which greatly influence the fatigue crack growth threshold. The final part of the experiments is
performed under constant force amplitude and the crack growth rate data are used to build the
da/dN vs ΔK curves. After the fatigue tests, the specimens are sectioned across the thickness and
metallographic samples are extracted in order to investigate the crack front profile. Fracture surfaces
are investigated using a JEOL JSM-IT300LV SEM.

Specimens for fracture toughness tests are fatigue precracked to a crack-length-to-specimen-width
of about 0.5 using the same resonant testing machine in laboratory environment under K-controlled
conditions (load ratio R = 0.1) suitable to maintain the crack growth rate below 10−8 m/cycle.
After precracking, to enforce the plane strain condition, 20% V-notch side grooves are machined
on the samples, resulting in a net thickness (BN) of 25.6 mm. Subsequently, the samples are
monotonically loaded up to fracture to determine the Kc fracture toughness (dK/dt = 1 MPa√

m·s−1, room temperature air) using a 100 kN servo-hydraulic testing machine equipped with
a clip-gauge mounted on knife edges attached to the specimen to measure the crack mouth opening
displacement. All data of load versus clip gauge displacement are acquired with a sampling rate of
50 Hz. After fracture, the crack length prior to final monotonic loading is measured using an optical
microscope following the ASTM E1820-09 standard procedure.

3. Results and Discussion

3.1. Microstructure

The optical micrograph shown in Figure 3 illustrates a representative example of the material
microstructure. It can be noted that the microstructure is highly inhomogeneous, being composed of
a predominantly ferritic matrix in which both spheroidal and chunky graphite domains of different
size are unevenly distributed. In some regions, the matrix is even pearlitic (visible in the center of
Figure 3). To better characterize type, shape and distribution of the graphite particles, ten cross-sections
randomly extracted from the samples are metallographically prepared and statistically analyzed.
Specifically, the deviation from the spherical shape is estimated by the shape factor expressed as [47]:

f0 =
4πA
U2 (1)

where A and U are the area and perimeter of the particles, respectively. Clearly, f 0 becomes 1 for an ideal
sphere. Table 2 summarizes the results of the statistical analysis of the graphite morphology. It can be
noted that about 1/3 of the graphite has degenerated into chunky graphite and that the remaining
fraction of spheroidal graphite has overgrown to very large nodules with a mean diameter of about
300 micron. The shape factor of the spheroidal nodules equal to about 0.5 is pretty low in comparison
to data available in the literature for DCI obtained under normal solidification conditions [47].
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Figure 3. Optical micrograph of the microstructure (etching with 2% Nital reagent).

Table 2. Results of quantitative analysis done on 10 metallographic samples. Standard error
corresponds to 1σ uncertainty band.

Total Graphite
Content (%)

Fraction of Spheroidal
Graphite (%)

Fraction of Chunky
Graphite (%)

Diameter of Spheroidal
Graphite (μm)

Shape Factor
Spheroidal Graphite f 0

9.3 ± 2.1 71 ± 15 29 ± 15 310 ± 110 0.49 ± 0.19

3.2. Monotonic and High-Cycle Fatigue Properties

Mean values of materials parameters obtained from the analysis of tensile and hardness
data are summarized in Table 3. It can be noted that the very long solidification time and the
resulting microstructural alterations lead to low values of tensile strength and total elongation
in comparison to conventional ferritic DCI; for instance, with respect to thick-walled (t > 60 mm)
EN-GJS-400-15, the reduction in tensile strength and total elongation is about 20% and 75%,
respectively. The yield-stress-to-tensile-strength ratio approaching the unity further denotes a very
brittle material behavior, while, as expected, the yield stress is little affected [4], being the yield stress
compliant with the minimum prescription of 240 MPa for EN-GJS-400-15.

Table 3. Monotonic tensile (based on four replicated tests) and rotating bending fatigue (from the
staircase tests data listed in Table 4) properties of the present material. Standard error corresponds to
1σ uncertainty band.

σYS (MPa) σU (MPa) σYS/σU T.E. (%) HB σlim,−1 (MPa)

275 ± 4 295 ± 8 0.93 2.9 ± 0.2 144 ± 2 138 ± 4

σYS: 0.2% yield stress; σU: ultimate tensile strength; T.E.: total elongation; HB: Brinell hardness. σlim,−1: rotating
bending fatigue limit at five million cycles.

The results of the rotating bending fatigue tests are summarized in Table 4. The statistical
elaboration of the fatigue data according to the staircase procedure leads to estimate the five million
cycles fatigue limit (50% failure probability) equal to 138 MPa with 4 MPa standard deviation.
In addition, in this case, it can be noted that the long solidification time leads to low fatigue properties,
in fact the fatigue limit is 30% below the typical value of 195 MPa indicated in the European standard
EN-1563 [51] for this DCI class on the base of rotating bending fatigue tests conducted on small-sized
(φ = 10.6 mm) laboratory samples extracted from thin-walled castings (t ≤ 30 mm), thus displaying
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ideal microstructural conditions. Furthermore, the investigations undertaken in [42] on a similar
material showed that the presence of 33% of chunky graphite is responsible for a fatigue limit reduction
of 14%. Therefore, it can be inferred that the remaining part of the fatigue limit decrement (about 16%)
observed in the present paper can be imputed to solidification defects induced by the very slow
cooling conditions.

Table 4. Results of the rotating bending fatigue tests.

Sample Number Stress Amplitude, σa (MPa) Number of Cycles to Failure, Nf Remarks

5 130 8,396,603 Run-out
6 140 5,181,473 Run-out
7 150 3,870,378
8 140 3,535,376
9 130 8,110,087 Run-out
10 140 1,253,313
11 130 24,732,626 Run-out
12 140 2,483,398
13 130 8,143,060 Run-out
14 140 1,347,937
15 130 6,989,257 Run-out
16 140 7,653,654 Run-out
17 150 2,851,237
18 140 2,443,680
20 130 8,891,424 Run-out

For this purpose, SEM analyses are carried out on the fracture surfaces of the fatigue specimens
{6,7,8,14,17} to shed light on the damage mechanisms acting in the high-cycle fatigue regime. As shown
in Figure 4a,b, shrinkage defects are present on the fracture surfaces, usually in regions of nearly
complete absence of graphite. They can be either solidification cavities or pores located near the outer
surface (Figure 4a) or in the interior (Figure 4b) of the sample, respectively. Kobayashi and Yamabe [5]
showed that the presence and the size of these inherent defects control the fatigue limit of ductile cast
irons. Specifically, the fatigue limit can be expressed as cyclic threshold stress at which the cracks
emanating from the defects do not propagate. This type of analysis can be easily performed with
the

√
area parameter, defined as the square root of the area obtained by projecting a defect or a crack

onto the plane perpendicular to the maximum tensile stress. Accordingly, Murakami and Endo [52]
proposed the following equation to predict the fully-reversed fatigue limit (R = −1):

σlim,−1 =
C(HV + 120)(√

area
)1/6 ; C =

{
1.43 surface defect
1.56 internal defect

(2)

where HV is the Vickers hardness.
To check the applicability of this approach to the present material, the area of the largest pore is

measured on the fracture surface of each of the above-mentioned samples. The mean and standard
deviation of this parameter are estimated to be 164,000 and 78,000 μm2, respectively. Assuming a
Gaussian distribution of these critical defect sizes, the fatigue limit at different failure probabilities can
be calculated using Equation (2). Specifically, the fatigue limits corresponding to 50%, 90%, and 10%
failure probabilities are estimated to be equal to 149, 161, and 143 MPa, respectively, in very good
agreement with the experimental values listed in Table 4.
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Figure 4. scanning electron microscope (SEM) micrographs of the fracture surfaces of rotating bending
fatigue samples around the largest shrinkage pore marked by red arrows: (a) sample 6 (near-surface
cavity); and (b) sample 8 (internal pore). Table 4 indicates stress amplitude and number of cycles
to failure.

We must, however, outline that this powerful approach may oversimplify the actual high-cycle
fatigue damage mechanism, as shrinkage porosity may not be the only crack nucleation site. To this
regard, looking at Figure 4b, it can be noted that the pore marked by red arrows is located about
1.7 mm below the outer surface. It is therefore highly unlikely that this defect, experiencing a bending
stress nearly 50% lower than the highest value achieved on the outer surface, acted as the first crack
initiation site. Presumably, other microstructural defects, such as the network of chunky graphite in
the vicinity of the pore, are involved in the fatigue damage mechanism and are responsible for the 14%
reduction in fatigue limit estimated in [42].
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3.3. Fatigue Crack Growth Curves

As anticipated in Section 2, fatigue crack growth da/dN-ΔK curves are measured considering
experimental data referring to crack lengths sufficient for the material to fully deploy extrinsic crack
growth resistance mechanisms [53,54]. In this way, a more realistic estimation of the actual crack
growth resistance in heavy-section castings can be obtained. For this purpose, a specific testing
campaign is carried out at R = 0.1 monitoring the crack growth rate at constant ΔK and increasing
crack length. Representative results are shown in Figure 5. It can be noted that the material exhibits
increasing crack growth resistance as the crack extends from the initial EDM crack starter notch of
length a0. The crack growth resistance tends to saturate when the crack extension is about 4 mm,
viz. 40% of the specimen thickness. This value is considered in the following experimentation as the
minimum crack extension for full development of extrinsic crack retardation mechanisms. Indeed,
crack tip shielding mechanisms [53], such as crack closure and bridging, acting behind the crack tip,
require the crack wake to be sufficiently long to be fully active. They are thus responsible for the
development of rising resistance-curve (R-curve) behavior with increasing crack length. It is also
known that eliminating by mechanical machining the crack wake behind the crack tip leads to the
loss of such mechanisms and to a sudden crack acceleration as long as the crack wake is not fully
restored [54]. Therefore, the second phase of crack growth testing performed under constant force
amplitude is conducted only after the crack extension has overcome the minimum value of 4 mm.
To this regard, it can be noted that Zambrano et al. [55] used C(T) samples with crack sizes less than
2 mm and reported very low fatigue crack growth resistance in comparison with other papers dealing
with similar DCI [47,56,57].

Figure 5. Results of fatigue crack growth tests conducted at constant ΔK and increasing crack extension
from the initial Electro Discharge Machined (EDM) crack starter notch.

The resulting da/dN-ΔK curves obtained at R = 0.1, 0.5 and 0.75 are compared in Figure 6.
The R-ratio effect is evident, indeed the curves move towards higher crack growth rates with
increasing R, especially in the near-threshold regime. The experimental data are represented by
the exponential law proposed by Klesnil and Lukáš [58]:

da
dN

= C(ΔKm − ΔKm
th) (3)

The best-fit parameters are given in Table 5 for the different load ratios used in the tests. It can be
noted that Equation (3) well reproduces the material’s crack growth behavior in Stages I (near-threshold
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regime) and II (K-controlled regime). When Kmax = ΔK/(1 − R) exceeds ~45 MPa m0.5, Stage III crack
growth regime commences and K-dominance is lost.

Figure 6. Fatigue crack growth curves plotted as a function of the nominal stress intensity factor range.

Table 5. Best-fit parameters of the crack propagation law expressed by Equation (3).

Load Ratio R ΔKth (MPa m0.5) C m

0.1 13.5 7.72 × 10−19 8.1
0.5 8.6 9.48 × 10−15 5.6

0.75 5.2 9.59 × 10−14 4.9

Units in Equation (3) are m/cycle and MPa m0.5.

Figure 7a compares the curves obtained by fitting Equation (3) to the present experimental data
and those measured by Mottitschka et al. [56] on an EN-GJS-400 DCI type with very similar chemical
composition but obtained under fast solidification conditions leading to a mean graphite diameter of
about 10 μm and therefore denoted as G10. Unexpectedly, it can be noted that the present material
displays a noticeable higher resistance to fatigue crack growth, especially in the near-threshold regime.
The R-ratio dependency of the threshold ΔKth is well represented by the Walker equation [59]:

ΔKth = ΔKth(1 − R)1−γth (4)

as shown in Figure 7b, where the least-square fit of Equation (4) is compared for both material types.
Unfortunately, no information is provided in [54] about the size of the cracks monitored in the fatigue
crack growth experiments. Therefore, the comparison of the results shown in Figure 7a,b could be
impaired by different levels of deployment of the crack retardation mechanisms. Nevertheless, it seems
that the presence of degenerated graphite has a beneficial, or at least non-detrimental, effect on
the material fatigue crack growth resistance. This unexpected result can be explained looking
at Figure 8a, which depicts a SEM overview of the fatigue facture surface in the vicinity of the
near-threshold propagation region. The fracture surface is characterized by the presence of different
graphite morphologies, ranging from nearly spherical nodules to fine dispersion of chunky graphite.
Notably, the regions containing no graphite at all or surrounding graphite spheroids show large
evidence of brittle cleavage (see the river pattern indicated by an arrow in Figure 8b) and intergranular
fracture, as shown in more detail in Figure 8b,c, respectively. On the contrary, the presence of
chunky graphite is associated to a less brittle fracture mode resulting in rougher fracture surface.
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Similar indications are given by crack front profiles taken from regions under the same crack
propagation regime and shown in Figure 9. Indeed, it can be noticed that where the crack front
encounters regions characterized by degenerated graphite (Figure 9a) the crack profile is significantly
rougher than where spherical graphite nodules only are present (Figure 9b). The former scenario will
result in more effective crack retardation mechanisms, such as roughness-induced crack closure [53]
and crack front geometry effects [54], with respect to the latter one representative of conditions
occurring in conventional DCI.

Figure 7. Comparison of fatigue crack growth resistance with data [54] referring to a similar ductile
cast iron (DCI) subject to normal solidification conditions: (a) da/dN-ΔK curves; and (b) threshold
dependency upon load ratio R.
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Figure 8. scanning electron microscope (SEM) micrographs of the fatigue fracture surfaces of the C(T)
sample tested at R = 0.1: (a) overview of the near-threshold crack propagation region; (b) detail of
cleavage (marked by an arrow) and intergranular fracture; and (c) detail of a graphite spheroidal
nodule. Crack propagation from top to bottom.
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Figure 9. Light microscope images of crack front profiles taken in the near-threshold crack propagation
region: (a) cross-section with significant presence of chunky graphite; and (b) cross-section with
prevailing nodular graphite. Crack path direction is normal to paper plane.

3.4. Fracture Toughness

KIc fracture toughness tests are performed on C(T) specimens depicted in Figure 2c,
whose geometry is taken as large as possible with the aim of satisfying the linear elastic fracture
mechanics requirement expressed by [60]:

B, a, W − a > 2.5
(

KIc
σYS

)2
(5)

where a, B and W are the initial crack length, specimen thickness and width, respectively.
Considering the value of the material yield strength σYS listed in Table 3, the maximum theoretical
fracture toughness that can be estimated using this C(T) sample geometry is ≈32 MPa m0.5, which is
comparable with KIc values reported in the technical literature [56,57] for this DCI class.

Figure 10a,b shows the load versus crack mouth opening displacement recorded for specimen
1 and 2, respectively. In both cases, the record is of Type I according to ASTM-1820, in the sense
that the load PQ is determined as the intersection of the force versus crack opening displacement
record with the 95% secant. Unexpectedly, despite the use of thick-walled and side-grooved specimens,
the requirement on the ratio maximum load Pmax to PQ to be ≤1.10, which is necessary for KQ to
be qualified as linear elastic, plane-strain fracture toughness KIc, is not met. Therefore, the present
tests result in thickness-dependent fracture toughness values, which can be used to safely design only
components with thickness not larger than 32 mm. Apparently, the highly nonlinear stress–strain
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behavior displayed by cast irons makes very difficult to meet the ASTM-1820 requirement on PQ, even
though the conditions set by Equation (5) are fulfilled.

Figure 10. Load versus crack mouth opening displacement recorded for: specimen 1 (a); and specimen 2
(b) used in fracture toughness testing.

Table 6 summarizes the results of the two fracture toughness tests and compares them with data
found in the technical literature regarding similar EN-GJS-400 DCI subjected to normal solidification
conditions. The average fracture toughness KQ is 17.3 MPa m0.5, which is 14% lower than the value
reported by Zambrano et al. [55]. It must be noted that this latter value was obtained using samples
with thickness of only 10 mm, therefore at least part of the observed reduction in fracture toughness
could be induced to a higher triaxility of the crack tip stress field experienced by the samples tested
in the present work. On the other hand, unfavorable microstructural conditions caused by the long
solidification time could have a negative effect on the fracture toughness, even though to a lesser extent
than that observed in Section 3.2 on tensile and fatigue strength.
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Table 6. Results of the fracture toughness tests and comparison with literature data.

Specimen Thickness, B (mm) KQ (MPa m0.5) KPmax (MPa m0.5) KIc * (MPa m0.5)

1 32 18.0 57.3 -
2 32 16.6 50.2 -

C(T) [55] 10 20 39 -
WK1 [47] 10 - - 32
G10 [56] 10 - - 33.2

* Data inferred from fatigue crack growth rate vs. ΔK curves.

Hübner et al. [47] and Mottitschka et al. [56] did not perform true fracture mechanics tests but
inferred the material fracture toughness KIc from fatigue crack growth tests and calculated it as
KIc = ΔKc/(1 − R), where ΔKc is the asymptotic value of the stress intensity range at which the crack
growth rate tends to infinite. Clearly, this is not a true stress intensity factor, as prescriptions and
procedures set by ASTM-1820 are not met. Anyway, if the data illustrated in Figure 6 are elaborated in
the same way, a value of KIc ≈ 45 MPa m0.5 is obtained, thus higher than the values reported by [47,56].

4. Conclusions

Solidification conditions typical of heavy-section castings were reproduced on a small-scale
ductile cast iron (DCI) casting, from which laboratory coupons were extracted and used to carry
out monotonic tensile, fatigue and fracture mechanics tests. The obtained results were discussed by
comparison with data available in the technical literature. The following conclusions can be drawn:

(1) The microstructure consists of a prevailing ferritic matrix, in which 2/3 of graphite is interspersed
in form of overgrown spheroidal nodules and the rest in form of chunky graphite.

(2) The tensile strength and the total elongation are reduced by 20% and 75% with respect to
thick-walled (t > 60 mm) EN-GJS-400-15.

(3) The rotating bending fatigue limit at five million cycles is reduced by 30% with respect to the
standard EN-1563 reporting the results of fatigue tests employing laboratory samples extracted
from thin-walled castings. The fatigue limit is strongly correlated to the dimension of the largest
shrinkage pore found on the fracture surface. Nevertheless, shrinkage pores are not the only
defects involved in the fatigue damage, as also degenerated chunky graphite can be site of
crack nucleation.

(4) The material displays a higher fatigue crack growth resistance, especially in the near-threshold
regime, with respect to DCI subject to normal solidification conditions. This has been attributed,
at least partially, to crack front geometry effects and crack closure phenomena induced by the
high roughness and interlocking crack mating surfaces in the neighborhood of chunky graphite.

(5) The fracture toughness is 14% lower than that reported for DCI obtained under normal
solidification conditions. On the other hand, the thickness of the samples used in the present
experimentation is three times larger than that of specimens usually tested in the literature.
The highly nonlinear stress–strain behavior displayed by cast irons makes very difficult to meet
the ASTM prescription on the PQ load.
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Abstract: Welded parts fabricated from high-strength steel (HSS) require an almost infinite lifetime,
i.e., a gigacycle (109). Therefore, it is necessary to test its high-cycle fatigue behavior. In this paper,
an accelerated fatigue test method using ultrasonic resonance is proposed. This method reduces
the experimental time required in comparison with a conventional fatigue test setup. The operating
principle of the accelerated ultrasonic fatigue test involved the use of a 20-kHz resonant frequency.
Therefore, it was necessary to design a specimen specifically for the test setup. In the study, ultrasonic
fatigue testing equipment was used to test butt-welded 590- and 780-MPa ferrite–bainite steel plates.
In order to design the specimen, a dynamic Young’s modulus was measured using piezoelectric
element, a laser Doppler vibrometer, and a digital signal analyzer. The S–N curves of fatigue behavior
of the original and butt-welded specimens were compared. The fatigue test results showed that the
infinite (i.e., gigacycle) fatigue strengths of the welded specimens were approximately 8% less than
those of the original specimen.

Keywords: ultrasonic fatigue test; high-strength steel; plate specimen; butt welding;
dynamic elastic modulus

1. Introduction

Industrial development has led to increasing demand for parts and elements with a longer
service life. Given this trend, the standard value accepted for an infinite service life has increased
from 107 to 109 cycles [1]. Previous studies investigated gigacycle fatigue regimes to assess fatigue
behavior in applications in the aerospace, space, high-speed rail, automotive, and biomedical industries.
These applications involve operation under severe environments and in situations where it is difficult
or impossible to replace parts. Previous studies determined that differences exist between fatigue and
fracture behaviors according to the test regime. Test regimes are divided into three segments: low cycle
(~104), high cycle (~107), and very high cycle (~109) [2–5].

It is also necessary to increase the test speed to check gigacycle regime fatigue behaviors.
Typically, a conventional hydraulic fatigue test machine runs in an approximate range of 2–15 Hz,
while rotary bending and electro-force fatigue testers operate in an approximate range of 50–300 Hz. A
gigacycle regime was reached in approximately 912 h during a test involving a frequency of 300 Hz.
Hence, some researchers used an ultrasonic fatigue tester to expedite experiments [6–8].

Figure 1 shows the setup of an ultrasonic fatigue test using a frequency of 20 kHz. Through this
setup, a gigacycle test can be completed within a period of only 14 h. Therefore, because of the time
saved, this setup is suitable for very-high-cycle testing. In a test, the maximum load was applied at
the center of the specimen, and the maximum displacement was observed at the free end. For this
ultrasonic fatigue test, the design of the test specimen was critical because it was necessary for the
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specimen to resonate. Most previous studies were performed with hourglass-type solid cylindrical or
plate-shaped test specimens that were manufactured from stainless steel or magnesium alloys [9,10].

Figure 1. Ultrasonic fatigue tester.

In the present study, tests were performed on high-strength steels (590- and 780-MPa
ferrite–bainite (FB)) that are used in several industries, and especially in the automotive and ship
building industries. There has been previous research on fatigue tests of FB steel used in various
fields. When comparing ferrite–martensite (FM) steel to FB steel, it was found that crack initiation
was delayed rather than FM steel. However, fatigue test data is available only up to a 105 cycle test
regime [11]. In the automotive industry, metal inert gas (MIG)/metal active gas (MAG) welding is
mainly used for joining components, such as lower arms and subframes [12,13]. Parts such as lower
arms, in which FB steel is mainly used, are subject to repetitive loads. Therefore, it is necessary to
consider the fatigue life of the welded parts.

Previous studies showed that welded materials had a shorter fatigue life than raw materials.
Additionally, a grounded weld toe sample had a longer fatigue life than a welding bead remain sample.
The fatigue test results considered up to 107 cycles [14–16]. As indicated above, the currently required
fatigue life is up to 109 cycles, and there are no previous studies on this requirement for welded FB
steel plates.

While FB steels have only been studied up to high cycle fatigue (HCF), research on other welded
steels has been performed up to the very high cycle fatigue (VHCF) regime. The VHCF performance
of FV520B-I welded material was characterized by a longer fatigue life because the surface roughness
value decreased and the inclusion size was smaller [17]. In addition, the results of the fatigue test
of a Cr-Ni-Mo-V steel welded material showed that cracks were formed in the internal nonmetallic
inclusions in the VHCF region [18]. EW36 steel welding results showed that the slope of the S–N
curve decreased even after 107 cycles, which is considered the conventional fatigue limit. This means
that it is necessary to study the VHCF behavior for developing safe designs. In addition, the crack
propagation rate was rapid because of the larger internal defects in the welded region compared with
the base metal [19]. Fatigue failure was observed up to 109 cycles for weld material of Q345, and the
fatigue strength of the fusion zone and heat-affected zone decreased by 60% and 55%, respectively [20].

In this study, welded plate specimens were designed for ultrasonic fatigue tests, and finite
element analysis on the free resonant mode was conducted to validate the test specimen design.
Additionally, fatigue tests up to the gigacycle regime were performed both on the raw steel plates
and on the welded plate specimens because the welded specimens were expected to exhibit different
fatigue behaviors.
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2. Materials and Methods

2.1. Materials

The selected materials included 2.8-mm-thick, 590-MPa and 780-MPa FB high-strength steel
plates. Currently, these materials are commercially applied to the suspension, arms, and wheel
disks of automobiles in the automotive industry because ferrite and bainite provide the required
high elongation and high stretch-flangeability, respectively [21]. Table 1 summarizes the material
compositions. The specimens were prepared using an electric discharge machining (EDM) process.

Table 1. Composition of ferrite–bainite (FB) steel.

Materials C Max. (wt %) Mn Max. (wt %) Si Max. (wt %) P Max. (wt %) S Max. (wt %) Fe

590 FB 0.090 1.550 0.150 0.030 0.003 balance
780 FB 0.050 1.800 1.250 0.015 0.003 balance

2.2. Dynamic Young’s Modulus

Precise values for the dynamic Young’s modulus of the specimens were required to ensure
that the specimens resonated at 20 kHz during the ultrasonic fatigue test. The dynamic Young’s
modulus values were also used to calculate the appropriate loads that should be applied during
the fatigue tests. Figure 2 shows the experimental set up for measurement. A piezoelectric element
(Physik Instrumente(PI) GmbH & Co.KG, Karlsruhe, Germany ), a laser Doppler vibrometer (LDV,
OFV-352, Polytec GmbH, Waldbronn , Germany), and a digital signal analyzer (DSA, HP-35670A,
Agilent Technologies, Inc., Santa Clara, CA, USA) were used during the experiments, following the
steps below:

1. Suspend the bar-shaped original FB steel with a thread for free motion;
2. Place a piezoelectric element at the end of the bar with wax to provide the excitation frequency;
3. Measure the displacement using the LDV on the other side of the piezoelectric element; and
4. Measure the resonant frequency by analyzing the excitation frequency and displacement with

the DSA.

Figure 2. Measurement of dynamic Young’s modulus.

The dynamic Young’s modulus (Ed) was calculated using Equation (1). The density (ρ) was
determined by mass measurement, and the acoustic velocity (Vc) was calculated using the resonant
frequency (fn) and the length of the wave (λ). Table 2 summarizes the calculated results. The calculation
is as follows:

Ed = ρV2
c (1)

Where: Vc = fnλn
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Table 2. Physical properties of FB Steel.

Materials Density (g/cm3) Dynamic Young’s Modulus (GPa)

590 FB 7.91 221.28
780 FB 8.01 221.98

2.3. Design of Plate Specimen

The waves applied to the specimen resulted in the exertion of stress and the occurrence of
displacement. The elastic wave theory was used to calculate the displacement and stress [1]. If gravity
is neglected, then the wave equation can be simplified to a single equation, as shown in Equation (2).
In the equation, u, x, and t represent the rectangular components of displacement, Cartesian coordinates,
and time, respectively.

E
∂2u
∂x2 = ρ

∂2u
∂t2 (2)

l =
1

2 f

√
Ed
ρ

(3)

ρS(x)
∂2u
∂t2 =

∂ f
∂x

, f = EdS(x)
∂u
∂x

(4)

y(x) = R2, L2 < |x| ≤ L where, L = L1 + L2, l = 2L
y(x) = R1 exp(2αx), |x| ≤ L2

α = 1
2L2

ln
(

R2
R1

)
, β =

√
α2 − k2 where, k = π

l

(5)

The maximum displacements at both ends of the specimen were used as boundary conditions.
The length of resonance (l) was calculated based on Equation (2) and is shown in Equation (3).
The cross-sectional area S(x) was reduced to ensure that the stress concentration occurred at the center
of the specimen. Equation (4) shows the wave equation for the varying cross section. Figure 3a shows
a schematic of the specimen. The curve of L2 is set as exponential, and α and β are constants, as shown
in Equation (5).

L1 =
1
k

arctan
1
k
{β cot h(βL2)− α} (6)

The plate specimen exhibited maximum stress in the middle, and the total length corresponded
to the resonance length. Equation (6) shows L1 with differentiable assumptions. Figure 3b shows the
designed specimen for the FB steel plate.

Figure 3. Cont.
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Figure 3. (a) Schematic of specimen; and (b) Specimen design of ferrite–bainite (FB) steel plate.

2.4. Welded Fatigue Specimen

As previously discussed, high-strength 590 FB and 780 FB steels were selected because they are
widely used in the automotive industry. The pressed parts were welded and can be expected to exhibit
lower strengths and fatigue lives.

A digital-waveform-controlled metal active gas (MAG) butt-welding process was used to prepare
the welded specimens because it is capable of producing a superior weld quality with reduced spatter
and heat input. A highly-accurate clamped welding jig and a semiautomatic welding system were
used to ensure consistent weld quality. Figure 4 shows the weld setup. The welder used was the
350A DC CO2/MAG (Acro Co., Sejong, Korea), and the welding torch was fixed on a 5-μm-accuracy
linear stage (LP200-SC, LPK, Cincinnati, OH, USA) to attain stable movement. The linear stage was
controlled with an AC servo-driver (MR-J3-70A, MISUBISHI, Tokyo, Japan) on a controller (PXI-1008B,
National Instrument, Austin, TX, USA).

The welding wire used corresponded to the KC-28 (KISWELL) based on the American Welding
Society standard AWS A5.18 ER70S-6. The welding conditions are summarized in Table 3. The welded
specimens were prepared by a wire–EDM process, and half the designed plate specimens were precisely
clamped on the jig and were butt-welded. The weld bead was milled to prevent any uncontrolled
stress concentrations, as shown in Figure 5. Although multiple clamps and additional milling were
applied, the samples still had some distortion or misalignment. However, the resonance frequency of
the fabricated samples was under a 1.5% range difference. For this reason, it was assumed that the
distortion or misalignment did not affect to the experimental results.

Figure 4. Semiautomatic welding machine.

Figure 5. (a) Welding plate; and (b) welding ultrasonic fatigue specimen.
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Table 3. Conditions of welding experiment.

Current (A) Voltage (V) Feed
(cm/min)

Shield Gas
Ratio (%)

Shield Gas
Injection

Quantity (L/min)

Contact Tip to
Work Distance

(mm)

Torch
Degree (◦)

210 24.5 76 80(Ar):20(CO2) 20 15 90

3. Results

3.1. Finite Element Method (FEM) Simulation for Specimen Resonance

It was necessary to resonate the ultrasonic fatigue plate specimen at a specified frequency (20 kHz).
Hence, an FEM simulation was performed to confirm the proper design of the specimen. An ANSYS
(V.17, ANSYS, Inc., Canonsburg, PA, USA) modal simulation was performed in a free vibration
condition. Figure 6 shows a simulated model in which the number of nodes corresponded to 10,638.
The material properties for the booster and horn corresponded to that of titanium Ti–6Al–4V, and the
properties of general FB steel were used for the specimen (Table 4). The model was simulated from
15 kHz to 25 kHz, and the result indicated an axial directional mode at 19.927 kHz. The result revealed
a difference of only 0.4% when compared with the target frequency (20 kHz), thus confirming that the
specimen design was appropriate.

Figure 6. Modal simulation (19.927 kHz).

Table 4. Material properties for simulation.

Part Material Density (kg/m3) Young’s Modulus (GPa) Poisson’s Ratio

Specimen FB590 8170 221 0.3
Horn, Booster Titanium Alloy 4620 96 0.36

3.2. Hardness Tests

Welding always generates a heat-affected zone that changes the specimen hardness.
Therefore, hardness tests were conducted from the middle of the welded zone to the end of the base
material. Figure 7 shows the results of the hardness tests. The specimens were cut using machining oil
to prevent work hardening. A micro-Vickers tester (HM-122, Mitutoyo, Kawasaki, Japan) was used
with a 500-g load and 5-s time condition.

In Figure 7a, the results indicated that the welded zones for both specimens had values of 225 HV
because they were welded using the same welding wire. The 590 FB and 780 FB base materials had
hardness values of 195 HV and 280 HV, respectively. The results confirmed that there was a linear
correlation between the hardness and the yield strength of the base material. Figure 7b shows the
results from butt-welding on 590 FB steel (on the left) and on 780 FB steel (on the right) for each side.
The hardness of the 780 FB steel side could be attributed to an increased number of bainite structures.

122



Metals 2017, 7, 103

Figure 7. (a) 590 FB and 780 FB hardness; (b) 590 FB + 780 FB hardness.

3.3. Ultrasonic Fatigue Test

The ultrasonic fatigue test conditions of the specially designed FB steel plate specimens for
resonance at 20 kHz are summarized in Table 5. The stress ratio and experimental resonant frequency
corresponded to R = −1 and 19.914 kHz, respectively. The fatigue tests were performed at room
temperature. However, heat was generated in the middle of the specimen owing to stress concentration
and the internal friction of the steel material [22]. Compressed air was blown on the middle section
of the specimen for cooling purposes to avoid experimental errors and any resulting changes in the
resonant frequency from the generated heat. Additionally, the experiments were performed at intervals
to prevent excessive heat generation.

Table 5. Conditions for ultrasonic fatigue test.

Stress Ratio (R) Frequency (kHz) Temperature (◦C) On/Off Time (s)

−1 19.914 25 5/2

Five cases were examined in the fatigue tests and included raw 590 FB steel, raw 780 FB steel,
butt-welded 590 FB steel, butt-welded 780 FB steel, and 590 FB and 780 FB steels butt-welded to each
other. The specimens failed in the middle section, as predicted (Figure 8).

Figure 8. Specimen after the fatigue test.

Figure 9 shows the results of the fatigue tests. With respect to the raw 590 FB steel, the shortest and
longest fatigue failures corresponded to 7.34 × 104 cycles with a load of 540 MPa and 1.41 × 109 cycles
with a load of 460 MPa, respectively. The S–N curve followed a general trend. Thus, it could be used
to determine that the fatigue tests were appropriately performed. A specimen with a load of 460 MPa
was capable of reaching gigacycles, while another specimen reached 8.37 × 107 cycles under the same
load. Based on these results, it was proposed that the raw 590 FB material is capable of an infinite
fatigue life when a load less than 460 MPa is applied.

The butt-welded 590 FB steel had the shortest fatigue life, with failure occurring at 1.49 × 105 cycles
at a load of 490 MPa. However, failure was not observed for a load of 420 MPa. A fatigue strength
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loss of approximately 7.97% was observed in the butt-welded 590 FB steel when compared with the
raw 590 FB material. The S–N curves for the raw and butt-welded 590 FB materials exhibited similar
trends. The raw 780 FB and butt-welded 780 FB materials exhibited fatigue strengths of 667 MPa and
approximately 618 MPa, respectively, in the gigacycle test. In the case of the 780 FB steel, a fatigue
strength loss of 7.38% was observed owing to welding, similar to the strength loss of the 590 FB steel.

Figure 9. (a) S–N curves of 590 and 780 FB; (b) S–N curves of welding specimens (survival
probability = 50%).

Figure 9b depicts the results of the 590 FB and 780 FB steels butt-welded to each other.
The predicted fatigue strength was similar to that of the butt-welded 590 FB steel. However, the test
results indicated that the fatigue life of the 590 FB and 780 FB steels butt-welded to each other was
similar to that of the butt-welded 780 FB. This could occur because an increased stress was absorbed
by the 780 FB steel region. Nevertheless, further studies should be conducted to examine this issue.

3.4. Fracture Surface

Figure 10 shows cross sections of the welded 590 FB and 780 FB specimens. The specimens were
polished and etched using a solution containing 95 mL of methanol and 5 mL of HNO3 [23]. The figure
shows the base material, heat-affected zone, and welding zone separately. Larger grains were observed
in the welding zone as a result of grain growth.

A field emission scanning electron microscope (FE-SEM, JSM-6700F, JEOL, Tokyo, Japan) was
used to examine the fractured surface. Figure 11 shows the results. Each of the 590 FB steel and 780 FB
steel sheet material specimens exhibited a clean and sharp fracture surface. By contrast, the welded
specimens exhibited bumpy and wavy surfaces. This could have occurred because of the welding wire
and brittle fracture caused by the grain growth [24,25]. Figure 12 shows the crack initiations with a
magnified view of the arrow point of Figure 11. All fractures occurred at periods exceeding 107 cycles.
A previous study proposed that cracks were initiated at a single point exceeding 107 cycles. This was
verified by the results of the present study [26]. All cracks were initiated at the surface.

Figure 10. Cross-sections of (a) 590 FB steel and (b) 780 FB steel.
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Figure 11. Fracture images (×35): (a) 590 FB (490 MPa, 3.53 × 107 cycles); (b) welded 590 FB steel
(450 MPa, 1.50 × 107 cycles); (c) 780 FB steel (700 MPa, 1.03 × 109 cycles); and (d) welded 780 FB steel
(650 MPa, 5.08 × 107 cycles).

Figure 12. Cont.
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Figure 12. Crack initiations (×140): (a) 590 FB (490 MPa, 3.53 × 107 cycles); (b) welded 590 FB
(450 MPa, 1.50 × 107 cycles); (c) 780 FB (700 MPa, 1.03 × 109 cycles); and (d) welded 780 FB (650 MPa,
5.08 × 107 cycles).

4. Conclusions

In this study, plate specimens for ultrasonic fatigue tests were successfully designed, and their
designs were validated. A novel method to measure the dynamic Young’s modulus was also proposed.
The designed specimen confirmed that the resonant frequency corresponded to 19.927 kHz by FEM
simulation. This value is very close to the target resonant frequency (20 kHz). Additionally, ultrasonic
fatigue tests were performed using EDM-machined plate specimens at a test frequency of 19.914 kHz.

The fatigue strengths of the 590 FB steel and 780 FB steel specimens corresponded to 460 MPa and
667 MPa, respectively, during a gigacycle test. This indicated an approximate reduction of 7%–8% of
the fatigue strength in the butt-weld specimens. This result verified the results obtained by previous
studies, wherein it was observed that the heat of the welding process increased the grain size and
decreased the fatigue life. Large grains were observed at the fractured surface and cross-section of the
welded specimen. The tests also verified a single-point crack initiation at a very high cycle fatigue.

Hence, as indicated by the aforementioned results, this study confirmed a method to design
ultrasonic fatigue test plate specimens. The fatigue behaviors of 590 FB steel, 780 FB steel, and welded
plate specimens were examined by using an S–N curve based on gigacycle testing. It is expected
that these results will benefit industries requiring parts that are manufactured and welded from
high-strength steel materials. The results can also be applied to numerical fatigue simulations.
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Abstract: The effects of environmental media on the corrosion fatigue fracture behavior of 25CrMo
steel were investigated. The media include air, and 3.5 wt % and 5.0 wt % NaCl solutions.
Experimental results indicate that the media induces the initiation of corrosion fatigue cracks at
multiple sites. The multi-cracking sites cause changes in the crack growth directions, the crack growth
rate during the coupling action of the media, and the stress amplitude. The coupling effects are
important for engineering applications and research. The probability and predictions of the corrosion
fatigue characteristic life can be estimated using the three-parameter Weibull distribution function.

Keywords: corrosion fatigue; characteristic life prediction; 25CrMo steel; microscopic analysis;
Weibull distribution

1. Introduction

CrMo steels, including low- and high-alloy chromium steels, are structural steels that are used
in key components and parts of critical engineering structures such as gears and axles. In particular,
25CrMo steel has been used for high-speed axles because low-alloy chromium steels have the high
strength and good ductility suitable for the high speed gears and axle components in engineering
or transport applications. The mechanical requirements for components such as railway speeds
axles are stricter because of their high-speed rotations and long service lives [1–4]. The literature has
reported on the corrosion-fatigue [2], super-long life regime of railway axle steel [3,4] and fatigue
properties of railway axles so far in the context of results of full-scale specimens [5]. The traditional
fatigue strength design is based on a fatigue limit of materials of approximately 107 cycles or more for
samples that do not fracture [6–8]. However, many engineering components (such as railway axles and
vehicle wheels) are subjected to both environmental media and stress levels [2,9,10]. Therefore, there
is always a discrepancy between traditional design and practical application. Accidents involving
engineering components are not completely understood. In the past decades, a number of researchers
studied the fatigue crack initiation and failure mechanisms [11,12] for very-high-cycle fatigue (VHCF)
using fatigue life prediction methods [7,13] to avoid such accidents. For example, Li and Akid
proposed a corrosion fatigue model including the stages of pitting and the pit-to-crack transition
in order to predict the fatigue life of a structural material and the model showed good agreement
with the experimental data at lower stress levels but predicted more conservative lifetimes as the
stress increases [14]. Then, Beretta et al. modified Murtaza and Akid’s model in order to obtain the
description of corrosion–fatigue crack growth data thus allowing us to obtain a conservative prediction
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of the S-N diagram subjected to artificial rainwater. These works confirmed or verified that the present
study is very important, especially the reliability analysis of corrosion fatigue data of high speed
railway axle [2]. Pyttel et al. [15] determined that the surface fatigue strength during high cycle
fatigue (105–107) (HCF) and the volume fatigue strength during VHCF (>107) should be studied in
detail and presented a design or prediction processes for the entire fatigue life of metals. However,
Pyttel et al. [15] also discussed the existence of a fatigue limit for metals. Miller et al. [6] also discussed
the fatigue limit and methods for overcoming it. Therefore, some high strength CrMo steels with
both good HCF performance and good corrosion fatigue performance [8,16,17] have been reported
recently. Sakai et al. [18] and Huang et al. [19] previously reported on the HCF or VHCF issues of high
carbon chromium bearing steel and low alloy chromium steel, respectively. Akita et al. [20] determined
the effects of sensitization on the corrosion fatigue behavior of type 304 stainless steel annealed in
nitrogen gas. The interest in the application of low-alloy CrMo steels to railways [1] along with other
modified methods and effect factors [21,22] have led to substantial research efforts focused on the
fatigue, corrosive fatigue, high-temperature fatigue and enhanced fatigue resistance in the past decade.
Nevertheless, these results indicated that the fatigue behavior of some low-alloy CrMo steels in different
environmental media was not sufficient for the intended applications. Additionally, some corrosive
fatigue fracture mechanisms are unclear. For example, the probabilistic fatigue S-N curves for different
media are based on the quantification of scattered fatigue data which require a certain number of
specimens tested at various stress amplitudes [23]. The two-parameter (2-P) Weibull distribution-based
modeling was preferred for the statistical analysis [24]. In this paper, we investigate the corrosion
fatigue behavior of 25CrMo steel over 5 × 105–5 × 107 cycles in air and over 105–2 × 106 cycles in
3.5 wt % NaCl and 5.0 wt % NaCl aqueous solutions. For some of the scatter corrosion fatigue data,
we use three-parameter (3-P) Weibull plots and the characteristic life of corrosion fatigue is predicted
using detail fatigue rating (DFR). In addition, the microscopic fracture behavior is determined based
on observations of the cross-sections of the fracture surfaces.

2. Materials and Experimental Method

2.1. Material or Specimen

25CrMo railway axle steel was prepared by vacuum inductive melting an ingot with a chemical
composition (wt %) of 1.130 Cr, 0.600 Mn, 0.260 C, 0.240 Si, 0.210 Mo, 0.160 Cu, 0.150 Ni, 0.041 V, 0.007 P,
and a balance of Fe. The room temperature mechanical properties of the 25CrMo steel used in this
study are listed in Table 1.

Table 1. Mechanical properties of 25CrMo steel at room temperature.

Material Ultimate Tensile Strength Offset Yield Strength Elongation Young’s Modulus

25CrMo steel 678 MPa 520 MPa 21.2% 205 GPa

The sample for the rotating bending fatigue tests in the environmental media shown in Figure 1
was designed with a circular center notch to control the stress concentration factor. The radius of the
notch is 7 mm, and the minimum diameter is 4 mm [25–27]. All environmental fatigue test samples
were machined from the surface layer of the railway axle by turning and grinding to the required
dimensions and then abraded using abrasive paper to achieve a surface roughness of approximately
Ra = 0.6 to 0.8 μm prior to the environmental fatigue testing.
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Figure 1. Sketch of the specimens indicating shape and size. The dimensions are in mm.

2.2. Mechanical Testing

The rotation bending environmental fatigue testing system used to investigate the high-cycle
corrosion fatigue behavior of 25CrMo steel is shown in Figure 2a–c. Figure 2c shows the different
corrosion media (air, the 3.5 wt % and 5.0 wt % NaCl aqueous solutions). To estimate the effective
corrosive fatigue life 3–10 samples were tested at every stress level in the S-N curves. The applied
stress amplitude is estimated as follows:

σa =
32gαLW

πd3 (MPa) (1)

where d is the diameter of the gauge section (i.e., 4 mm), g is the acceleration due to gravity (9.8 m/s2),
α is the stress concentration factor (1.08), L is the distance from the gauge section end at which the
load is applied (40.5 mm for a standard sample) and W is the applied load (kgf). All rotation bending
fatigue tests were controlled by the load at a stress ratio R= −1. All rotation bending fatigue tests were
controlled by the load at a stress ratio R = −1 and a rotating rate of about 3300 r/min (rotating frequency
55 Hz) according to ASTM E468-90.24 [28]. The fatigue test was stopped manually when the number of
cycles exceeded 5 × 107 in air or the number of cycles exceeded 2 × 106 in 3.5 wt % NaCl and 5.0 wt %
NaCl aqueous solutions. The corrosive liquid is dispensed by the corrosive fatigue system at a rate of
1.6 mL/min [26]. The pH values of the 3.5 wt % and 5.0 wt % NaCl aqueous solutions are 7.47 and
7.24, respectively.

 

(a) 

(b) 

(c) 

Figure 2. Fatigue testing loading modes for air or NaCl solutions. (a,b) Mechanical loading only;
(c) mechanical loading in corrosive media.
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2.3. Three-Parameter Weibull Distribution Function

Weibull analysis is a statistical method [21,24]. To further confirm the reliability of the corrosion
fatigue data for the aforementioned testing conditions, a probabilistic analysis method was proposed
using the 3-P Weibull distribution model, in which the failure probability function is expressed
as follows:

F(x) =

{
1 − e−( x−c

b )
m

x ≥ c
0 x < c

(2)

where m, b, and c are the shape, scale, and location parameters, respectively, in this model and F is the
failure probability of the corrosion fatigue data for 25CrMo steel up to a given value of x, the number
of cycles to failure.

When the number of test specimens, n, is less than 20 (n = 10 for stress levels of 233.3 MPa and
273.0 MPa) the function F can be estimated as follows [29]:

F(xi) =
i − 0.3
n + 0.4

(3)

The values of m, b and c in Equation (2) can be estimated using Equation (3).

The equation Q =
n
∑

i=1
(Xi − X̂)

2, in which Xi, X̂ are the number of cycles to failure and the

expected value of the number of cycles to failure under the same applied load and corrosive media,
respectively, should be a minimum. Thus:

X − c − b m
√− ln(1 − F(x)) = 0,

Xi − c − b m
√− ln(1 − Fi) = 0, i = 1, 2, 3, ...n

(4)

Q =
n

∑
i=1

[Xi − c − b m
√
− ln(1 − Fi)]

2
→ min{Q}

and the estimated location parameter, ĉ, in the 3-P Weibull distribution model can be determined.
The following is assumed:

1
m ln ln [1 − F(x)]−1 = ln(x − ĉ)− ln(b − ĉ)
X = ln ln [1 − F(x)]−1

Y = ln(x − ĉ)
ξ = 1/m, n = ln(b − ĉ)

(5)

Therefore, a linear equation can be obtained as follows:

Y = ξX + n (6)

The corresponding correlation coefficient (ρ′) for the linear regression is as follows:

ρ′ =
[

n
∑

i=1
XiYi − (

n
∑

i=1
Xi

n
∑

i=1
Yi)/n]2

[
n
∑

i=1
X2

i − (
n
∑

i=1
Xi)2/n]·[ n

∑
i=1

Y2
i − (

n
∑

i=1
Yi)2/n]

(7)

In this statistical analysis, the mean value or expected value, E(x), (or X̂) and the standard
deviation, S(x), can also be expressed as follows [23,30]:

E(x) = X̂ = (b − ĉ)Γ(1 +
1
ξ
), Γ(a) =

∞∫
0

xm−1e−xdx (8)
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S(x) =
√

D(x) =

√
(b − ĉ)2[Γ(1 +

2
m
)− Γ2(1 +

1
m
)] (9)

In addition, to estimate the reliability level of the statistical distribution function for these
experimental data, the reliability index, β (β = E(x)

S(x) ), of the probability distribution function was used.
In general, the higher the β = E(x)/S(x) value is, the smaller the degree of scatter for fatigue data is.

All of the aforementioned parameters in the Weibull distribution model were estimated using
in-house procedure, which is developed by our team using Microsoft visual C++. In addition,
to compare the reliability level of the number of cycles to failure at stress levels of 233.3 MPa and
273.0 MPa, all of the estimated parameters in the 3-P Weibull distribution function are listed in Table 2,
in which the number of samples to failure is n = 10.

Table 2. Reliability parameters of fatigue fracture life under different environmental conditions.

Condition m b (×105) b̂ (×105) c (×105) P′ E(x) (×105) S(x) (×105) β

273.0 MPa
3.5 wt % NaCl 3.44 5.47 5.10 1.81 0.96 4.92 1.58 3.11

233.3 MPa
5.0 wt % NaCl 2.08 6.51 6.00 2.42 0.84 5.77 2.91 1.98

β: Reliability index (β = E(x)/S(x)). A higher value of β indicates a higher reliability.

3. Results

All fatigue data for the different environmental media are plotted in Figure 3. The S-N curves
indicate that the effects of the environmental media on the fatigue fracture of 25CrMo steel are
different. Based on the S-N curves, a fatigue limit of 25CrMo steel in the corrosive media was not
reached. The differences in the corrosion fatigue behavior for the different test conditions are evident
in the decreased gradient of the S-N curves. The S-N curves of 25CrMo steel in the corrosive media
can be fitted using the following flow functions (the S-N curve for the 25CrMo in air is difficult to fit):

σ3.5wt%NaclN0.21
f = 4230.18 (10)

σ5.0wt%NaclN0.42
f = 61083.68 (11)

The scope of Nf of the S-N curve for the samples tested in the 5.0 wt % NaCl aqueous solution
changes from 105 to 106, which is lower than that of S-N curves for the samples tested in air or a
3.5 wt % NaCl aqueous solution. For this range of number of cycles to failure, the difference between
the number of cycles to failure for the two solutions is not significant (1.09 × 10−4 vs. 1.32 × 10−4)
considering the variability of the fatigue data. Thus, the corrosion fatigue mechanisms for 25CrMo
steel in a 3.5 wt % and a 5.0 wt % NaCl aqueous solutions should be similar. However, when the
number of cycles to failure is greater than 5 × 105, the corrosion fatigue life of 25CrMo steel in a
5.0 wt % NaCl aqueous solution decreased. That is, the environmental effect on the HCF fracture of
this steel becomes increasingly important. Therefore, the environmental fatigue fracture of 25CrMo
steel for 5 × 105 to 5 × 106 cycles warrants further investigation. The environmental effect on the
fatigue fracture of 25CrMo axle steel not only depends on the formation of corrosive pits and solution
exposure time but also depends on the local deformation of the metal (stress level). The former
involves the transformation of corrosion pits to stress corrosion cracks and the latter involves a
electrochemical process (anodic dissolution) and hydrogen embrittlement due to the cyclic deformation
on the surface [26,31–33]. In addition, there is some scatter in the corrosive fatigue data, including the
fatigue data for the samples tested in air, as shown in Figure 3. The scatter characteristics of the fatigue
fracture data for the samples tested in air are more apparent, especially for Nf > 107. Therefore, for the
complex environmental fatigue fracture mechanism of 25CrMo steel in aqueous solutions with varying
concentrations of NaCl, reliability analysis of the S-N curves is necessary. Multiple samples were
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tested in the 3.5 wt % NaCl and 5.0 wt % NaCl aqueous solutions at the average stress levels shown in
Table 3. Even if the stress ratio (R = −1) in the rotating fatigue test is different from the stress ratio
(R = 0.06) in a push-pull electro-hydraulic servo, the estimated corrosion fatigue life at any stress level
based on the typical environmental fatigue data can be determined for the region between 104 and
106 cycles to failure with the aid of detail fatigue rating (DFR) [34]. Although the fatigue fracture data
have different decentralizations, the scatter of corrosion fatigue data (from 3.942 × 105 to 9.386 × 105)
in the 5.0 wt % NaCl aqueous solution is greater than the scatter (from 3.588 × 105 to 6.911 × 105) for
the 3.5 wt % NaCl aqueous solution. This may be because the stress level of the former (233.3 MPa)
is lower than that of the latter (273.0 MPa). The reasons for this scatter and the mechanisms for
environmental fatigue under the same testing condition are also validated by the microscopic analysis
discussed in the next section.

Figure 3. S-N curves for 25CrMo steel tested under different environmental conditions.

Table 3. Repeated fatigue testing data for 25CrMo steel under different environmental conditions.

Testing
Conditions

No. 1
×105

No. 2
×105

No. 3
×105

No. 4
×105

No. 5
×105

No. 6
×105

No. 7
×105

No. 8
×105

No. 9
×105

No. 10
×105

273.0 MPa
3.5 wt % NaCl 3.588 4.351 4.676 4.819 4.830 5.068 5.310 5.690 5.711 6.911

233.3 MPa
5.0 wt % NaCl 3.942 3.987 5.440 5.779 5.799 5.811 6.200 6.446 6.590 9.386

4. Discussion

4.1. Fractography Analysis

In addition to the statistical analysis described above, observations of the fracture surfaces can
also be used to characterize the scatter of the corrosion fatigue fracture for the same loading condition.
For example, the fatigue fracture analyses use the scatter case under a stress level of 233.3 MPa as
shown in Figure 3. The cross-sections of the fracture surfaces after different numbers of cycles are
shown in Figures 4–6. Since the scatter in the data exists at other stress levels, the corrosion fatigue
fracture characteristics are similar to those for the case mentioned above.

Figure 4 shows the corrosion fatigue fracture characteristics of 25CrMo steel in a 5.0 wt % NaCl
aqueous solution (Nf = 3.942 × 105). The two different fracture regions (regions A and C) can be
divided into a corrosion fatigue crack initiation and propagation region (A) and a static fracture or
instantaneous fracture region (C), as shown in Figure 4a. The former (A) is a relatively smooth region
and the latter (C) is a relatively rough region at the macroscopic scale, as shown in Figure 4a. Region B,
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shown in Figure 4a, is the closest interface region between the corrosion fatigue crack propagation
region and the static fracture region. The fatigue fracture morphology of region A includes many more
fatigue crack propagation vestiges that have the typical concave-convex fatigue behavior shown in
Figure 4b. This is because the 25CrMo steel has good ductility (the elongation is approximately 21.2%,
as shown in Table 1) so that the concave-convex vestiges are visible in the fatigue crack propagation
region. Additionally, the surface crack propagation length (the circumference is approximately 3a) is
approximately three times the inside fatigue crack propagation length (a) in region A, as shown in
Figure 4a. The ratio between the inside fatigue crack propagation length and the surface fatigue crack
propagation is approximately 0.3–0.5 for steels with good ductility. At the closest interface between the
fatigue crack propagation region and the static fracture region, the concave-convex vestiges gradually
disappear and the multi-secondary-cracks form, as shown in Figure 4c. Some plastic dimples are
present at the closest interface between the fatigue crack propagation region and the static fracture
region as shown in Figure 4c,d. The plastic dimples formed at the closest crack tips due to the higher
stress concentrations. The maximum open displacement of these secondary cracks is approximately
3–4 μm as shown in Figure 4e,f. This suggests that the fracture toughness (KIC) is relatively higher,
but the corrosion fatigue strength of this steel in a 5.0 wt % NaCl aqueous solution is relatively low,
as shown in Figure 3. This is because the secondary cracks rarely appear in the regions affected
by corrosion in which the corrosive solution accelerates the hydrogen embrittlement at the fatigue
crack tip.

Figures 5 and 6 show the other fracture characteristics for samples with Nf = 6.590 × 105 and
Nf = 9.386 × 105 under the testing conditions of σ = 233.3 MPa in a 5.0 wt % NaCl aqueous solution,
respectively. There are two different fatigue fracture characteristics due to the differences in the
number of cycles to failure. That is, there are the different corrosion fatigue crack initiation sites and
relationships between the corrosion fatigue crack propagation directions and paths. This is because
there are different multi-cracking sites at the free surfaces of the round samples. The different crack
growth directions from the surface to the inside of a circle cause the slip sidesteps and the different
crack propagation paths, as shown in Figures 5a–d and 6a. The fatigue secondary cracks are present in
the regions close to the fatigue crack propagation areas (A and B), as shown in Figure 6b,c. At the same
time, the multi-cracks and the plastic dimples are also present in the static fracture region, as shown in
Figure 6d.

To further describe the reason for the differences in the corrosion fatigue life for the 25CrMo
steel samples tested under the same conditions, the proportional differences between the corrosion
fatigue crack propagation area and the static fracture area are illustrated in Figure 7. These area
fractions are 37.36% (Figure 7a), 38.12% (Figure 7b), and 55.22% (Figure 7c). Thus, a larger crack
propagation area results in a longer fatigue life. Due to the multi-crack initiation sites on the free
surface of the round samples, the fatigue crack propagation length (a) for multi-crack initiation sites is
less than that for single fatigue crack initiation sites. This is because the fatigue fracture life depends
primarily on the inside crack propagation length (a) in the environmental fatigue condition. A greater
inside crack propagation length indicates a stronger stress-corrosion coupling effect [26,31–33,35].
Therefore, the probability of the corrosion solution acting on the surface crack at the multi-crack
initiation sites is lower than it acting on the single crack initiation sites. Thus, the inside crack
propagation length (a) after Nf = 6.590 × 105 or Nf = 9.386 × 105 (Figure 7b or Figure 7c) is much
smaller than that after Nf = 3.942 × 105 (Figure 7a). This is because the hydrogen atoms formed by
the cathode partial reaction embrittle the material when the surface fatigue crack length is much
greater, which results in a shorter fatigue life. Wittke et al. [33] described the interaction between
strain and corrosive media, suggesting that the active straining at the crack tip during fatigue crack
propagation can enhance the corrosion reactivity at the metal surface by increasing the area fraction
and electrochemical reactivity of the fresh metal surfaces. This suggests that the effect of corrosion
on fatigue damage inside the crack tip is greater than that at the crack tip surface after the corrosion
liquid infiltrates into the inside of the newly-fractured metal surface. Therefore, the corrosion fatigue
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life is not completely dependent on the corrosion time, but depends primarily on the coupling effects
of the electrochemical reaction and the plastic deformation. Subsequently, considering the effects of
a stress gradient on the fatigue fracture process, if the inside crack length is greater for the rotating
bending fatigue tests, the bending fracture of the sample occurs more easily, as shown in Figure 7a.
Therefore, the reasons discussed above will result in the differences in the corrosion fatigue life for the
same testing condition. Improving the surface quality of the sample and avoiding stress concentrations
or heterogeneous defects on the surface can help decrease these differences.

Figure 4. Typical fracture characteristics for Nf = 3.942 × 105, σ = 233.3 MPa in a 5.0 wt % NaCl solution.
(a) Macro-scale view of the fracture surface; (b) region labeled A; (c) region labeled B; (d) region labeled
C; (e,f) crack patterns in the static fracture regions.
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Figure 5. Typical fracture characteristics for Nf = 6.590 × 105, σ = 233.3 MPa in a 5.0 wt % NaCl solution.
(a) Macro-scale view of the fracture surface; (b) region labeled A; (c) region labeled B; (d) region
labeled C.

Figure 6. Typical fracture characteristics for Nf = 9.386 × 105, σ = 233.3 MPa in a 5.0 wt % NaCl solution.
(a) Macro-scale view of the fracture surface; (b) region labeled A; (c) region labeled B; (d) region
labeled C.
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Figure 7. Typical fracture analysis of 25CrMo steel in the same testing condition (233.3 MPa, 5.0 wt %
NaCl). Macro-scale fracture surface characteristics for (a) Nf = 3.942 × 105; (b) Nf = 6.590 × 105;
(c) Nf = 9.386 × 105.

4.2. Fatigue Life Prediction and Reliability Analysis

Since the corrosion fatigue data have a degree of scattering, the Weibull distribution is the most
appropriate statistical analysis tool. Based on the statistical distribution parameters in Table 2, can the
fatigue lives for the same material be predicted for other stress levels? To answer this question,
we carefully analyzed each parameter in Table 2. The values of the shape parameter (m) and reliability
index, β, at 273.0 MPa in a 3.5 wt % NaCl aqueous solution are greater than the values at 233.3 MPa
in a 5.0 wt % NaCl aqueous solution. This means that the scatter of the former (m = 3.44, β = 3.11)
is lower than that of the latter (m = 2.08, β = 1.98). Another important parameter in this reliability
analysis is the scale parameter, b, which reflects the characteristic corrosion fatigue life. The two
distributions of the characteristic lives are Nf = 5.47 × 105 and Nf = 6.51 × 105, which are slightly
greater than the average values (Nf = 5.095 × 105 and Nf = 5.938 × 105, respectively). When n is
less than ten, the difference becomes greater between the characteristic life and the arithmetic mean
values of the fatigue lives. Therefore, using the characteristic life value (b̂) of corrosion fatigue data
is better than using the arithmetic mean value in the statistical analysis of the small sample number.
Most S-N curves for the samples were tested under the same environmental condition but at different
stress levels have approximately the same shape parameter (m). Therefore, other characteristic lives
(b̂) at additional stress levels for small sample numbers (such as n = 3) in the same S-N curve can be
estimated based on the m parameter for the large sample numbers (such as n = 10). The estimation
method is as follows [34,36]:

b̂ = (
1
n

n

∑
i=1

Nm
f i)

1/m (12)

where n is the sample number, Nfi is the number of cycle to failure in the ith fatigue test, and m is
the shape parameter in the Weibull distribution function. For example, the relationship between the
experimental data and all characteristic lives (b̂) at different stress levels determined using Equation (12)
is shown in Figure 8. According to the aforementioned estimation method (Equation (12)) [36],
the predication of additional characteristic fatigue lives (b̂) at different stresses is possible if the shape
parameter (m) is known. In Figure 8, the characteristic corrosion fatigue data (labeled with ) is in
good agreement with the experimental data (labeled with �). Therefore, this estimation method based
on the statistical distribution is simple and effective. That is, we can estimate the characteristic life by
using the shape parameter (m) for the experimental data with the same testing condition to eliminate
the invalid data. In addition, as a key parameter in reliability design, Sakin [37] obtained the fatigue
life distribution diagrams for glass-fiber reinforced polyester composites by using a two-parameter
Weibull distribution function, from which the reliability percentage (%) corresponding to any life (cycle)
or stress amplitude could be found easily. At the same time, Sivapragash et al. [38] systematically
analyzed the fatigue life prediction of ZE41A magnesium alloys using the Weibull distribution and
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obtained a probability distribution based on the failure of the material. However, reports of corrosion
fatigue data of 25CrMo steel based on the 3-P Weibull distribution analysis are rare.

Figure 8. Experimental data and estimated value of the corrosion fatigue life for different stresses in a
3.5 wt % NaCl solution. The solid circles are the predicted values for 25CrMo steel in a 3.5 wt % NaCl
solution, and the open circles are the experimental values for 25CrMo steel in a 3.5 wt % NaCl solution.
The dotted line was the liner fit of the black solid circles.

Figure 9 gives the failure probability for corrosion fatigue of 25CrMo axle steel for two typical
corrosion cases. The estimated curves shown in Figure 9 indicate that the relationship between
the failure probability value of the corrosion fatigue fracture and Nf suggests that the service life
of 25CrMo axle steel can be calculated for the different environmental conditions. This will assist
with the design of safe structures or materials. For example, when the number of cycles to failure is
5 × 105, the probability values for corrosion fatigue fracture are 55% at 273.0 MPa, in a 3.5 wt % NaCl
aqueous solution and 25% at 233.3 MPa, in a 5.0 wt % NaCl aqueous solution. Additionally, the failure
probability of 25CrMo axle steel is not sensitive to the change in the number of cycles to failure in
either the low or the high failure probability region, as shown in Figure 9. The critical value of the
cyclic number is different for the changes in both the environmental condition and the stress level
because the plateau values are different for each curve.

Figure 9. F(x) vs. Nf for 25CrMo steel under different testing conditions. The circles represent the
failure probability at 233.3 MPa in a 5.0 wt % NaCl solution, and the squares represent the failure
probability at 273.0 MPa in a 3.5 wt % NaCl solution.

5. Conclusions

Through detailed corrosion fatigue tests, the fatigue fracture characteristics, reliability analysis,
and characteristic life cycle predictions for a typical 25CrMo axle steel in three different environmental
media were determined. The main conclusions are as follows:
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1. The experimental results indicate that, the higher the number of cycles to failure, the stronger the
effect of the corrosive media on the fatigue damage. In this HCF regime, the corrosion fatigue
behavior of 25CrMo steel is not completely dependent on the corrosion time (exposure time). It is
also dependent on the coupling action of the electrochemical reaction and the plastic deformation.
When the number of cycles to failure is greater than 106, the corrosion fatigue data must be
analyzed using a statistical analysis, such as the Weibull distribution model.

2. For the same environmental media and applied load, the amount of scatter in the corrosion
fatigue data is caused primarily by the number of fatigue crack initiation sites and the direction of
the fatigue crack propagation in the early stage. A lower number of fatigue crack initiation sites
indicates a shorter fatigue crack initiation life, and a faster corrosion fatigue crack growth rate
indicates that the total life of the sample is shorter. Improving the surface quality of the sample
by reducing the surface defects or the stress concentration sites helps reduce the dispersion in the
corrosion fatigue data.

3. The corrosion fatigue fracture characteristics indicate that there are fatigue crack propagation
vestiges in the crack propagation regions, the second cracks, the plastic dimples, and the slip
sidesteps near the interface region between the fatigue crack propagation region and the static
fracture region.

4. The results of the 3-P Weibull distribution analysis indicate that the corrosion fatigue data are
more reliable as the value of the shape parameter (m) increases. At the same time, the characteristic
corrosion fatigue life at any stress level for a small sample tested under the same environmental
condition can be estimated simply and effectively using Equation (12).
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Nomenclature

a crack length
b scale parameter in Weibull distribution function
b̂ predication value of characteristic life
c location parameter in Weibull distribution function
α the stress concentration factor (1.08)
d, L the geometry size, respectively
g the acceleration of gravity (9.8 m/s2)
F(x) Weibull distribution function
m shape parameter in Weibull distribution function
n experimental number of corrosion fatigue life
P′ corresponding correlation coefficient
E(x) expected value of statistics
S(x) standard deviation value
β reliability index
Nf number of cycles to failure
σ stress amplitude (MPa)
R stress ratio
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Abstract: Vibratory stress relief (VSR) is a highly efficient and low-energy consumption method
to relieve and homogenize residual stresses in materials. Thus, the effect of VSR on the fatigue
life should be determined. Standard fatigue specimens are fabricated to investigate the fatigue
life of Ti-6Al-4V titanium alloy treated by VSR. The dynamic stresses generated under different
VSR amplitudes are measured, and then the relationship between the dynamic stress and vibration
amplitude is obtained. Different specimen groups are subjected to VSRs with different amplitudes
and annealing treatment with typical process parameters. Residual stresses are measured to evaluate
the stress relieving effects. Finally, the fatigue behavior under different states is determined by
uniaxial tension–compression fatigue experiments. Results show that VSR and annealing treatment
have negative effects on the fatigue life of Ti-6Al-4V. The fatigue life is decreased with the increase in
VSR amplitude. When the VSR amplitude is less than 0.1 mm, the decrease in fatigue limit is less
than 2%. Compared with specimens without VSR or annealing treatment, the fatigue limit of the
specimens treated by VSR with 0.2 mm amplitude and annealing treatment decreases by 10.60% and
8.52%, respectively. Although the stress relieving effect is better, high amplitude VSR will lead to the
decrease of Ti-6Al-4V fatigue life due to the defects generated during vibration. Low amplitude VSR
can effectively relieve the stress with little decrease in fatigue life.

Keywords: fatigue life; vibratory stress relief; titanium alloy Ti-6Al-4V; residual stress;
annealing treatment

1. Introduction

Residual stresses exist in many fabricated structures due to plastic deformation from thermal and
mechanical operations during manufacturing [1]. The presence of residual stresses in engineering
components and structures significantly affect the fatigue behavior [2], strength [3], and dimensional
stability [4]. Many studies have been conducted to investigate the effects of residual stress on the
fatigue life of different materials [5–7]. The effects of residual stress and surface hardness on the fatigue
life under different cutting conditions of 0.45%C steel were studied by Sasahara [8]. Their experimental
results show that the fatigue life of machined components can be increased if compressive residual
stress and high hardness within surface layer can be induced by a cutting process. Fatigue crack growth
from a hole with a pre-existing compressive residual stress was simulated utilizing the 2D elastic-plastic
finite element (FE) model by LaRue and Daniewic [9]. Pouget and Reynolds [10] determined that
fatigue crack propagation in friction stir-welded AA2050 was strongly linked with the presence of
residual stresses, and compressive residual stresses in the heat affected zone were responsible for the
apparent improvement of fatigue behavior when the crack approached the weld.
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Surface compressive stress can inhibit the initiation and propagation of fatigue cracks.
Some processes, such as rolling, laser peening and shot peening, are utilized to improve the fatigue life
by inducing surface compressive residual stress. The effect of different shot peening treatments on the
reverse bending fatigue behavior of 7075-T651 aluminum alloy was investigated by Benedetti et al. [11].
They demonstrated that controlled shot peening that employed ceramic beads determined a remarkable
increment of the high-cycle fatigue resistance, which ranges between 15% and 50%. Nikitin et al. [12]
found that laser shock peening produced similar amounts of lifetime enhancements as deep rolling.
The cycle, stress amplitude and temperature-dependent relaxation of compressive residual stresses
was more pronounced than the decrease of near-surface work hardening. Bagherifard et al. [13]
concluded that severe shot peening induced near surface grain refinement to nano and sub-micron
range and transformed the austenite phase into strain-induced α’-martensite in a layered deformation
band structure. The effect of small defects on fatigue threshold of different series of nitride and
nitride-shot peened low alloy steel specimens was investigated by Fernández-Pariente et al. [14]
through experiments.

Some researchers show interest in the fatigue behavior of Ti-6Al-4V. Zabeen et al. [15] evaluated the
changing tendency of the Ti-6Al-4V titanium alloy residual stress field with fatigue crack growth after
laser shock peening. Yamashita et al. [16] investigated the method of estimating the fatigue strength
of small notched Ti-6Al-4V specimen using the theory of critical distance that employed the stress
distribution in the vicinity of the notch root. Bourassa et al. [17] explored surface thermal/mechanical
processing of Ti-6Al-4V to improve the fatigue strength of microknurled specimens via the production
of a Ti-6Al-4V dual microstructure. Golden et al. [18] investigated the fatigue variability of an
alpha + beta processed Ti-6Al-4V turbine engine alloy by conducting a statistically significant number
of repeated tests at a few conditions.

The stress relieving process is generally conducted to improve the fatigue life and dimensional
accuracy [19]. Natural stress relief, thermal stress relief (TSR), and vibratory stress relief (VSR) [20] are
the most common methods. VSR is a general term used to refer to the reduction of residual stress by
means of cyclic loading treatments. When the superposition of the dynamic stress and initial residual
stress reaches the elastic limit of the material, plastic deformations occur in local positions, which leads
to the residual stress release. Low cyclic stress amplitude can also release the stress after enough cycle
times due to the generation of dislocation slip and multiplication at the micro level [21]. As a highly
efficient and low-energy consumption method, VSR has received much attention from scholars and
engineers in recent years. Sun et al. [22] concluded that the tensile properties of a marine shafting of 35#
bar steel bar changed slightly before and after vibration, whereas the macro residual stress decreased
notably by approximately 48%. Results in literature [23] show that the macro-residual stresses of the
welded steel plates of D6AC and D406A decreased to 0 ± 25 MPa after VSR. Wang et al. [24] believed
that the relaxation effect of compressive residual stress after VSR was better than that of tensile residual
stress; the compressive residual stress and texture density increased first and then decreased with an
increase in the vibration time. The said researchers also determined in another study that the strong
basal textures of AZ31 Mg alloys would be weaken when the vibration time was more than 10 min [25].

Moreover, a residual stress decrease model of 304L under cyclic loading was established by
Rao et al. [26] to evaluate the VSR effectiveness. Kwofie [27] proposed a theoretical plasticity model to
study the residual stress relief mechanism under mechanical vibration. A combined method of TSR
and VSR (TVSR) to extend the VSR effects was proposed by Lv and Zhang [28]. Their experimental
results show that the maximum stress of the 7075 aluminum alloy plate decreased by 55.9% and 13.4%
after TVSR and VSR, respectively. A mathematical model based on plasticity theorem with linear
kinematic hardening was presented by Vardanjani et al. [29] to explain the reduction mechanism of
residual stresses caused by VSR.

Nowadays, researchers have divergent opinions about the VSR effects on the fatigue life. Several of
them believe that VSR can decrease the fatigue life, but others hold the opposite view. Djuric et al. [30]
evaluated the fractal dimension of welded high-strength martensitic steel utilizing Barkhausen Noise
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Analysis and observed an increase in the fatigue damage to the microstructure due to the applied VSR
treatment. This study indicates that VSR can have a negative effect on the fatigue life. Wozney and
Crawmer [31] indicated that stress reduction did not occur uniformly throughout vibrated structures,
and the possibility of fatigue damage during VSR treatment couldn't be neglected. On the contrary,
the VSR and TSR effects on the fatigue lives of welded specimens made of 0.18% carbon steel were
investigated by Munsi et al. [32]. Their experimental results show that the fatigue lives of the specimens
treated by TSR decreased by 43%, whereas those treated by VSR increased by 17%. Song and Zhang [33]
determined that vibratory stress relief could improve the fatigue life of 7075-T651 aluminum alloy
when the dynamic stress was less than 8% of the yield limit.

Therefore, the VSR effect on the fatigue life is still ambiguous. VSR can have different effects
on the fatigue life of different materials. The present study manufactures a batch of standard fatigue
specimens to investigate the fatigue life of Ti-6Al-4V titanium alloy treated by VSR. Dynamic stresses
generated under different VSR amplitudes are initially measured, and then the relationship between
dynamic stress and vibration amplitude is obtained. VSRs with 0.03, 0.05, 0.1, and 0.2 mm amplitude
and annealing treatment with typical process parameters are then conducted on five specimen groups.
Another specimen group without any treatment is employed for comparison. The residual stresses
of each group are subsequently measured to study the stress relieving effect. Finally, the fatigue
limits and cyclic stress amplitude-logarithm of cycle numbers (S-lgN) curves under different states are
obtained by uniaxial tension-compression fatigue experiments.

2. Experiments

Standard fatigue specimens are manufactured from φ30 mm × 200 mm (diameter × length)
extrusion Ti-6Al-4V titanium alloy bars. The specimen shape and size (Figure 1) are determined based
on the China National Standard GB/T 3075-2008. Threads on both ends are utilized for clamping in
the experiments.

A cylindrical counterweight with 40 mm diameter and 30 mm length, which is also made of
Ti-6Al-4V titanium alloy, is added to one end of the specimen to lower the natural frequency and
increase the dynamic stress (Figure 2a). The counterweight is fixed to the specimen by a thread in the
dynamic stress measurement and VSR tests.

Figure 1. Ti-6Al-4V titanium alloy fatigue specimen.

2.1. Dynamic Stress Measurement Tests

Dynamic stress, which is the key factor that affects the stress relieving effect and fatigue life,
is generated in the specimen during the VSR process. The dynamic stress magnitude can be controlled
by changing the vibration magnitude. Therefore, dynamic stress measurement tests are conducted
to obtain the relationship between the vibration magnitude and generated dynamic stress before the
VSR tests.

A modal analysis is performed to calculate the vibration modes utilizing ANSYS Finite Element
Analysis (FEA) software [34,35], as well as determine the strain measuring point and exciting frequency
in the dynamic stress measurement and VSR tests. The FEA modal analysis steps are described as
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follows: (1) a 3D geometry model is imported; (2) the element type is selected as Solid 185; (3) the
material properties are defined as shown in Table 1, which is provided by the manufacturer (Hangzhou
Hengchao Metallic Materials Co., Ltd., Hangzhou, China); (4) the FE model is built (Figure 2a); (5) the
boundary conditions are defined; (6) a solution is generated; and (7) the results are outputted.

Table 1. Mechanical properties of the Ti-6Al-4V titanium alloy.

Density/kg·m3 Elastic Modulus/GPa Poisson’s Ratio Yield Strength/MPa

4440 110 0.33 980

 
(a) (b) 

Figure 2. Finite element (FE) modal analysis and sticking position of the strain rosette: (a) FE model
and first-order vibration mode result; and (b) sticking position of the strain rosette.

Simulation results show that the natural frequency of the first vibration mode is 52.07 Hz, and the
maximum stress occurs in the middle of the specimen (Figure 2a). Thus, a strain rosette that consists of
0◦ (axial direction of the specimen), 45◦, and 90◦ (perpendicular to the axial direction of the specimen)
direction strain gauges is attached onto the middle of the specimen (Figure 2b).

A V8-440 HBT 900C vibration table (LDS Test and Measurement Ltd., Royston, England) is
employed as the excitation equipment, and the dynamic strain gauge and digital signal-processing
system produced by China Orient Institute of Noise & Vibration are utilized for the dynamic strain
measurement and signal acquisition. The experimental setup is shown in Figure 3.

One end of the specimen without the counterweight is fixed to the vibration table, whereas the
other end with a counterweight is free. The exciting frequency is set at 52 Hz according to the FEM
simulation results. A total of 20 experimental sets are performed with 20 different vibration amplitudes.
The vibration amplitudes (peak-to-peak value) range from 0.01 mm to 0.2 mm. The vibration direction
is parallel to the normal direction of the strain rosette plane and perpendicular to the direction of the
specimen’s axial direction.

The vibration time at each amplitude is 1 min, and the effective values of dynamic strains at the
0◦, 45◦, and 90◦ directions can be read from the digital signal-processing system. Dynamic stresses can
then be calculated utilizing Equations (1)–(3) [36]:

σ1 =
E

2(1 − μ)
(εa + εc) +

E√
2(1 + μ)

√
(εa − εb)

2 + (εb − εc)
2, (1)

σ2 =
E

2(1 − μ)
(εa + εc)− E√

2(1 + μ)

√
(εa − εb)

2 + (εb − εc)
2, (2)
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σeqv =

√
1
2

[
(σ1 − σ2)

2 + (σ2 − σ3)
2 + (σ3 − σ1)

2
]
, (3)

where εa, εb, and εc are the measured strains at the 0◦, 45◦, and 90◦ directions, respectively; σ1, σ2,
and σ3 are the first, second, and third principal stresses, respectively (σ3 is zero in the plane problems);
σeqv is the equivalent stress (von Mises stress); E is the elastic modulus; and μ is Poisson’s ratio.
Thus, the generated dynamic stresses under different amplitudes can be obtained.

 

Figure 3. Dynamic stress measurement and vibratory stress relief (VSR) test setup.

2.2. VSR Tests

VSR tests are performed utilizing the same vibration table and fixture as the dynamic stress
measurement tests. A total of 240 specimens are evenly divided into six groups (Figure 4).
The specimens in Group A are in their original state without VSR or heat treatment. Four typical
vibration amplitudes, which correspond to four typical dynamic stress levels, are selected based on
the dynamic stress measurement test results. Thus, VSRs with 0.03, 0.05, 0.1, and 0.2 mm vibration
amplitudes are performed on the specimens in Groups B, C, D, and E, respectively. The vibration time
for each specimen is 10 min.

Moreover, annealing treatment is conducted on the specimens in Group F for comparison.
The specimens are placed in a WZH-60 vacuum heat treatment furnace (produced by Beijing Research
Institute of Mechanical & Electrical Technology, Beijing, China) and heated to 600 ◦C. The temperature
is maintained at 600 ◦C for 6 h [37]. The specimens are then removed from the furnace and cooled to
room temperature in open air.

 

Figure 4. Grouping conditions of the vibratory stress relief(VSR) tests.
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2.3. Residual Stress Measurement Tests

One of the 40 specimens in each group is selected for the residual stress measurement tests after
VSR and annealing treatment. In particular, the measured stresses of the specimens in Group A reflect
the original stresses without VSR or annealing treatment. Hence, the stresses before and after VSR and
annealing treatment can be obtained.

The Prism System (produced by Stresstech Group, Vaajakoski, Finland, which is a residual stress
measurement device based on the hole-drilling method and electronic speckle pattern interferometry
technique, and a φ1.6 mm cemented carbide micro-milling cutter with titanium nitride coating
(Richards Micro-Tool, Inc., Plymouth, MA, USA) are employed for the residual stress measurement
(Figure 5). The measuring point is the same as the position where the strain rosette is attached
(Figure 2b) in the dynamic stress measurement tests. A small hole with 1.6 mm diameter and 1 mm
depth is drilled on the specimen by the micro-milling cutter. Hence, the stresses from the surface to
1 mm depth at the measuring point can be obtained.

 

Figure 5. Setup of the residual stress measurement tests.

2.4. Uniaxial Tension-Compression Fatigue Experiments

The high-frequency fatigue testing machine QBG 200 (Changchun Qianbang Test Equipment Co.,
Ltd., Changchun, China) is adopted to perform the uniaxial tension-compression fatigue experiments
(Figure 6). The stress ratio R is −1, and the load frequency is set at 81.7 Hz with a 5 Hz drop protection.
The alternating and average load protections are both set at ±5 KN, ambient temperature is 25 ◦C,
and relative humidity is 39.2%.

A total of 14 specimens from each group are selected to determine the fatigue limit. The up and
down method [38] is applied, whose procedure is described in Figure 7. The cyclic stress amplitude
of the first specimen for Group A is set at 520 MPa, which is slightly higher than half of the titanium
alloy yield limit (490 MPa). The measured fatigue limit of Group A (original state) indicates that the
cyclic stress amplitude of the first specimen for Groups B, C, D, E, and F are set at 500, 500, 490, 450,
and 470 MPa, respectively.
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Figure 6. Setup of the fatigue experiments.

 

Figure 7. Procedure of the up and down method.

Fracture commonly occurs to the first specimen due to the high cyclic stress amplitude. No fracture
occurs to one specimen within 107 cycle times for the first time with the decrease in the cyclic stress
amplitude. The first appearance of the no-fractured specimen and its previous fractured specimen
are considered as effective specimens. If two specimens have the opposite fracture results (i.e., one is
fractured, whereas the other is unfractured) and adjacent cyclic stress amplitude (±10 MPa), then both
are regarded as effective specimens. The fatigue limit can then be calculated by Equation (4):

σR=−1 =
1
m

n

∑
i=1

νiσi, (4)
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where m is the total number of effective specimens; n is the number of cyclic stress amplitudes; σi is
the ith cyclic stress amplitude; and vi is the number of specimens at σi cyclic stress amplitude.

After the fatigue limit is determined, 25 (5 × 5) of the 40 specimens in each group are selected to
obtain the S-lgN curve with the grouping method [38]. Five cyclic stress amplitudes of each group
are selected based on the fatigue limit. The fatigue cycles of 5 specimens under each cyclic stress
amplitude are measured. Chauvenet’s criterion [39] is employed to filter the experimental data and
calculate the average fatigue cycle under each stress amplitude. Thus, the S-lgN curve of each group
can be drawn.

3. Results and Discussion

3.1. Dynamic Stress Measurement Tests

The dynamic stress measurement test results are shown in Figure 8a,b. The first principal, second
principal, and equivalent stresses under different amplitudes are calculated using Equations (1)–(3).
This study utilizes the equivalent stress to reflect the dynamic stress magnitude. Figure 8b shows
that the equivalent stress generated in the VSR can be expressed by VSR amplitude (denoted by A)
utilizing the linear fitting method in Equation (5):

σeqv = 404.33 · A + 0.18 (5)

The dynamic stress increases linearly with the amplitude increase. The generated dynamic stresses
under 0.03, 0.05, 0.1, and 0.2 mm amplitude VSRs are 8.68, 14.43, 28.76, and 57.22 MPa, respectively.

(a) (b)

Figure 8. Dynamic stress and strain under different amplitudes: (a) dynamic strain; and
(b) dynamic stress.

3.2. Residual Stress Measurement Tests

Plane stresses, including normal stresses in two mutually perpendicular directions and shear
stress, are measured in the residual stress measurement tests. The first principal stress is calculated to
compare the residual stress change before and after VSR or annealing treatment. The residual stresses
of Groups A to F are shown in Figure 9a,b.

Figure 9a shows that the magnitude of the first principal stress on the surface layer
(0.02 mm–0.1 mm depth) of each group is much larger than those in the deeper layer (0.1 mm–1 mm)
because of the machining-induced residual stress [40,41]. The peak and average stresses of Group A
are significantly larger than those of Groups B to F. This scenario indicates that VSR and annealing
treatment largely contribute to the stress relief and homogenization of Ti-6Al-4V titanium alloy.
Comparing the results of Groups B to E shows that the stress magnitude decreased when the VSR
amplitude increased. Therefore, a higher amplitude that generates a higher dynamic stress during VSR
is more conducive to the relief and homogenization of the residual stress than the lower amplitude.
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(a) (b)

Figure 9. Measured stresses of Groups A to F after the VSR tests: (a) first principal stresses along the
depth direction; and (b) comparison of the measured stress among the different groups (i.e., σsurf, σmax,
and σave denote the stresses at 0.02 mm depth, absolute value of the peak stress, and average stress
along the depth direction, respectively).

3.3. Uniaxial Tension-Compression Fatigue Experiments

The fatigue limits of the specimens in Groups A to F are shown in Figure 10, whereas the S-lgN
curves of Groups A to F are shown in Figure 11. The fatigue limit, surface residual stress, average
stress, and dynamic stress of each group are compared in Table 2. Figures 10 and 11, as well as Table 2,
show that the fatigue limits of Groups B to F are smaller than that of Group A. The fatigue limit
decreased with the increase in the VSR vibration amplitude. The fatigue limit of Group F is smaller
than those of Groups B, C, and D, but slightly larger than that of Group E. The S-lgN curve also
decreased with the vibration amplitude increase. The S-lgN curve of Group F is generally lower than
those of Groups B to E.

The fatigue life of Ti-6Al-4V titanium alloy decreased with the increase in the VSR vibration
amplitude. Although the fatigue limit of Ti-6Al-4V titanium alloy decreased by 1.25%, 1.25%, and 1.87%
after 0.03, 0.05, and 0.1 mm amplitude VSR, the surface residual stress (at 0.02 mm depth) decreased by
60.05%, 50.23%, and 84.29%, respectively. The average residual stress within 1 mm depth also decreased
by 90.99%, 67.02%, and 74.68%, respectively. When the amplitude reaches 0.2 mm, the fatigue limit
decreased by 10.06%, the surface stress decreased by 90.18%, and the average stress decreased by
68.68%. The fatigue limit after the annealing treatment decreased by 8.52%, the surface stress decreased
by 97.28%, and the average stress decreased by 39.87%. These results indicate that low-amplitude
VSR can significantly lower and homogenize the residual stress of Ti-6Al-4V titanium alloy with an
extremely low cost to the fatigue life. By contrast, the high-amplitude VSR and annealing treatment
have several negative effects on the fatigue life.

Figure 10. Fatigue limits under different amplitudes (−0.05 mm amplitude stands for the
annealing treatment).
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Figure 11. Cyclic stress amplitude-logarithm of cycle numbers (S-lgN) curves for Ti-6Al-4V
titanium alloy.

Table 2. Fatigue limit and residual stress change after the VSR and annealing treatment.

Results Group A Group B Group C Group D Group E Group F

Fatigue limit (MPa) 481 475 475 472 430 440
Percentage change / −1.25% −1.25% −1.87% −10.60% −8.52%

Surface stress (MPa) 217 86.7 108 34.1 21.3 5.91
Percentage change / −60.05% −50.23% −84.29% −90.18% −97.28%

Average stress (MPa) 13.55 1.22 4.47 3.43 4.24 8.15
Percentage change / −90.99% −67.02% −74.68% −68.68% −39.87%

Dynamic stress (MPa) / 8.68 14.43 28.76 57.22 /

When σd + σr (σr is the residual stress, whereas σd is the dynamic stress in the VSR) is larger than
the yield limit of the material in the local position, micro-plastic deformation occurs, and the internal
residual stress is redistributed. The residual stress magnitude then decreases with the formation of a
new stress equilibrium [42]. Therefore, micro-plastic deformation and stress redistribution that occur
during the VSR process are the main reasons for the decrease and homogenization of residual stress.

The formation of fatigue damage can be divided into three stages: crack initiation,
crack propagation, and instantaneous fracture. The crack is commonly generated in high stress areas
under a cyclic load. The measured value of the strain gauge reflects the average strain in a certain area.
Although the dynamic stress measured by the strain rosette is less than 60 MPa, the dynamic stress
generated at the local position can be much larger than the measured value during the VSR process.
The dynamic stress coupled with the initial residual stress can lead to local stress concentration,
which then generates micro-cracks. This scenario explains the decrease in the fatigue life after VSR.
Fewer cracks are produced after lower-amplitude VSR because lower dynamic stress is generated,
and fewer stress concentration areas emerge during vibration. When the amplitude is less than a
certain value, only a handful of cracks occur. Thus, the fatigue life slightly decreases. More cracks
occur with the increases in the amplitude and dynamic stress. A larger decrease in the fatigue life is
then observed after high-amplitude VSR.

Moreover, Figure 9a shows that the tensile stresses on the specimen surfaces in the original state,
which are conducive to the initiation and propagation of fatigue cracks, are largely eliminated by
VSR and annealing treatment. The decrease in the fatigue life demonstrates that the negative effects
caused by the micro-crack generation during VSR are greater than the positive effects caused by the
elimination of tensile stresses on the surface. If the surface residual stresses of the specimens in the
original state is compressive, then a larger decrease in the fatigue life after VSR could be observed.

It should be noted that only five cyclic stress amplitudes of each state are selected to draw the
S-lgN curve due to the high cost of time and raw material in experiments. The fatigue behavior can be
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better presented if more cyclic stress amplitudes are investigated. Besides, the results in this paper are
basically effective on Ti-6Al-4V. The VSR effects on fatigue life vary with different metallic materials.

4. Conclusions

This study investigates the VSR effect on the fatigue life of Ti-6Al-4V. The dynamic stresses
generated under different VSR amplitudes are initially measured, and then the relationship between
the dynamic stress and vibration amplitude is obtained. VSRs with 0.03, 0.05, 0.1, and 0.2 mm
amplitude and annealing treatment under typical process parameters are conducted on five specimen
groups. Another specimen group without any treatment is employed for comparison. The residual
stresses of each group are measured to study the stress relieving effects. Finally, the fatigue limits and
S-lgN curves under different states are obtained by fatigue experiments. The following conclusions
are drawn:

(1) The dynamic stress magnitude generated during the VSR process increases linearly with the
amplitude increase. A higher amplitude is more conducive than the lower amplitude to the relief and
homogenization of the residual stress of Ti-6Al-4V titanium alloy.

(2) VSR has a negative effect on the fatigue life of Ti-6Al-4V. The fatigue behavior decreased
with the increase in the VSR vibration amplitude. When the VSR amplitude is less than 0.1 mm,
the decrease in the fatigue limit is less than 2%. More than 50% of the surface residual stress and more
than 67% of the average residual stress within 1 mm depth can be eliminated. The fatigue limit of the
specimens treated by 0.2 mm amplitude VSR is decreased by 10.60%. Although the stress relieving
effect is better, high amplitude VSR will lead to the decrease of Ti-6Al-4V fatigue life due to the defects
generated during vibration. Low amplitude VSR can effectively relieve the stress with little decrease
in fatigue life.

(3) Annealing treatment also decreases the fatigue life. The fatigue limit of the specimens that
underwent annealing treatment is decreased by 8.52%. The S-lgN curve of the annealing treatment is
generally lower than those of the VSRs with different amplitudes.
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Abstract: This research mainly focused on the effects of solution treatment on high-cycle fatigue
properties, microstructure evolution, and fatigue fracture morphology of the high strength aluminum
alloy (7075 aluminum alloy). The S-N curves and fatigue performance parameters of the alloy
were obtained. We found that longer solution treatment time significantly influences the high-cycle
(N ≥ 105) fatigue properties of the Al-Zn-Mg-Cu alloy. Under the loading stress of 240 MPa, and
the solution treatment of 2 h compared to 1.5 h, 1 h, and 0.5 h, the fatigue life was respectively
improved by about 95.7%, 149%, and 359%. The microstructure observations conducted with a
scanning electron microscope (SEM) and transmission electron microscope (TEM) are as follows:
recrystallization occurs in the grains of the 7075 aluminum alloy under solution treatment, and the
grains become large with the length of the solution treatment time. Cracks mainly initiate from the
undissolved large phases, and prolonging the solution time can effectively promote the dissolution
of the T phase and S phase, decrease the number of dislocations, and lower the rate of the initiation
of fatigue cracks at the undissolved large phases due to dislocation glide and dislocation pile-up.
In the second stage of crack propagation, the secondary cracks reduce the driving force and the rate
of crack propagation, promoting the fatigue properties of the 7075 aluminum alloy, which can be
verified by the observation result that fatigue striation widths become narrower with longer solution
treatment times.

Keywords: 7075 aluminum alloy; solution treatment; high-cycle fatigue property; microstructure

1. Introduction

Solution treatment refers to the process of dissolving the coarse second phase in the alloy at a
certain temperature and time, and then using rapid cooling to obtain a supersaturated solid solution [1].
In solution treatment, the time and the temperature are the core parameters [2], which have direct
influences on the degree of the solid solution and the quality of the subsequent precipitated phase
during the ageing and strengthening stage.

The effect of solution treatment on the microstructure and the performance of the 7050 aluminum
alloy has been discussed in the literature [3–6]. The results show that solution treatment can have a
significant effect on the grain size and the morphology of the second phase. While the second phases
are dissolving into the base, the proportion of recrystallization and the size of the sub-grain increase,
causing the weakening of the mechanical properties of the alloy [3]. In these studies, Li [4] found
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that the ideal solution treatment for the 7050 high strength aluminum is 470 ◦C × 1 h; the results of
Deng [5] showed that the hardening layer of the 7050 aluminum alloy with a heat preservation solution
under 490 ◦C tended to be 1.36 times deeper than that under 475 ◦C. In addition, Wang [6] pointed
out that the ideal solution treatment for casting-rolling 7050 high strength aluminum is 480 ◦C × 1 h;
References [7–9] obtained similar conclusions for the 7050 high strength aluminum alloy. Senkov et al.
focused on the effect of parameter changes of the solution treatment on the micromorphology and
volume fraction of the Al3Sc phases and Al3Zr phases [9]. Davies et al. [10] found that in the solution
treatment, the second phase would dissolve in the solid solution, and the recrystallization occurred
simultaneously. The recrystallized grain and the remaining large second phase significantly influenced
the fracture toughness properties of the aluminum alloy. After the solution treatment, the second phase
of the aluminum alloy, the recrystallization fraction, and the change of the grain morphology also
have a great influence on the material’s fatigue property [11–15]. The dissolution of the large second
phase is beneficial to the increase of the supersaturation degree of a supersaturated solid solution
before ageing, thus reducing the source of micro-cracks and promoting the fatigue performance of
the alloy [16]. Fan et al. [17,18] found that grain boundaries inhibit the propagation of the fatigue
cracks. The smaller the aluminum alloy grains are, the more boundaries exist and the more severe the
inhibition is, correspondingly leading to a higher fatigue life.

However, the current studies mostly focus on the effect of solution treatment on the structure
and mechanical properties, rather than on the fatigue properties of materials, especially the high-cycle
fatigue properties. In practical applications, aluminum alloy materials usually work under relatively
low cyclic stress loads, and the fracture patterns are often high-cycle fatigue fractures [19,20], in which
there is usually no obvious plastic deformation, and which is difficult to detect and prevent. In this
paper, the aviation-used 7075-T651 high strength aluminum alloy is taken as the object of study.
Under a certain solution temperature—480 ◦C, the materials are solution treated with different times,
and then the effects of the solution treatment time on the high-cycle fatigue properties are observed.
According to the rules of alloy microstructure evolution and the analysis of fracture morphology,
the influence mechanism is discussed in order to provide a theoretical guidance for the optimization of
parameters in solution treatment and for the enhancement of the fatigue properties of aluminum alloys.

2. Material and Experiments

The material used in this study is a typical Al-Zn-Mg-Cu alloy (7075 aluminum alloy). The heat
treatment processing for this material is T651, which means conducting the solution treatment at
470 ◦C for 1 h, quenching in cold water, artificial aging treatment at 120 ◦C for 24 h, and then 5%
pre-stretching to release residual stress. The measured chemical composition of the studied aluminum
alloy is listed in Table 1.

Table 1. Chemical composition of the 7075 alloy (wt %).

Zn Mg Cu Cr Fe Si Mn Ti Al

5.71 2.45 1.5 0.18 0.17 0.06 0.034 0.019 Bal.

Metallographic samples (with the dimensions 14 mm × 14 mm × 4 mm) and fatigue samples
were prepared from the 7075 aluminum alloy plate (Southwest Aluminum Group Co., Ltd.,
Chongqing, China). The fatigue samples were cut with wire electrical discharge machining (WEDM)
to reduce the residual stress and tissue damage [21], the shape and dimensions of which are shown in
Figure 1, which met American society for testing and materials standard ASTM E466-2007. In order
to avoid notches and micro-cracks in the specimens’ surface that may form during the machining
processing [22], surfaces were polished to an average surface roughness of less than 0.4 mm with
metallographic abrasive paper (1600#) and nylon cloth.
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Figure 1. Smooth rectangular specimen of the fatigue sample (mm).

The solution treatment was conducted in a SX-12-10 resistance furnace (Cangyue Company,
Shanghai, China), in which the solution temperature was 480 ◦C and the solution treatment times were
0.5 h, 1.0 h, 1.5 h, and 2.0 h, respectively. After quenching in the water at 25 ◦C, the artificial aging was
performed at 120 ◦C for 24 h.

The fatigue test was conducted on a MTS810 fatigue machine (MTS Systems Corporation,
Eden Prairie, MN, USA). The stress levels for axial stress fatigue performance were set between
240 MPa and 320 MPa, with a loading frequency of 40 Hz and a stress ratio of 0.1. Three horizontal
samples were taken for each stress level. In order to study the initiation and propagation of the cracks,
the fatigue fractures were fully cut off and observed under a TESCAN scanning electron microscope
(SEM) (Tescan Company, Brno, Czech Republic). Micrographs of the precipitated phase characteristics
were observed under a TecnaiG220 transmission electron microscope (TEM) (United States FEI limited
liability company, Hillsboro, OR, USA). Samples were cut from the solution treatment specimens,
and first thinned to 0.8 mm, and then thinned again on a TenuPol-5 electro-polished double spraying
thinner machine (Struers, Copenhagen, Denmark). The solution was a mixed liquid of 30% hydrogen
nitrate and 70% methanol, with a double spraying temperature between −35 ◦C to −25 ◦C, and a
voltage of 20 kV.

3. Results and Discussion

3.1. Effects of Solution Treatment on the Microstructure

The microstructure of the 7075 aluminum alloy after solution treatment under the same
temperature (480 ◦C) and for different times (0.5 h, 1.0 h, 1.5 h and 2.0 h) are shown in Figure 2.

(a) (b)

(c) (d)

100 m

100 m100 m

100 m

Figure 2. Microstructure of the 7075 aluminum alloy with a solution time of (a) 0.5 h; (b) 1.0 h; (c) 1.5 h;
(d) 2.0 h.
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In Figure 2, it can be seen that varying degrees of recrystallization and grain growth occur with
the increase of the solution treatment time. When the solution treatment time is 0.5 h (Figure 2a)
the average size of the alloy grains are relatively small, due to the short time. Among these grains,
some are isometric crystals. When the solution treatment time is increased to 1 h (Figure 2b), the
recrystallization and grain growth continue because of grain boundary migration. When the solution
treatment time increases to 1.5 h (Figure 2c), the grains after recrystallization merge and extend out,
and the boundaries become straight. When the solution treatment time is increased to 2 h (Figure 2d),
due to the long solution holding time, there is enough time for the grains to grow. With the interruption
and the vanishing of the boundaries among the grains, the recrystallization becomes highly visible,
and the average size of the grain is relatively the largest.

3.2. Effects of Solution Treatment on the Second Phase

The distributions and the appearances of the large phases of the 7075 aluminum alloy, solution
treated at 480 ◦C and for different times (0.5 h, 1.0 h, 1.5 h, and 2.0 h), are listed in Figure 3. In the dark
grey Al-base, there are a large number of undissolved large-phase particles distributed along the rolling
direction, which are mostly grey and black, and non-uniform in distribution and size. Some of the
particles are broken in the rolling process, and separated from the Al base due to plastic deformation.

(a) (b)

(c) (d)

Figure 3. Distribution of the second phase in the 7075 aluminum alloy with a solution time of (a) 0.5 h;
(b) 1.0 h; (c) 1.5 h; (d) 2.0 h.

In Figure 4, the grey and black large particles are analyzed by EDS (Energy Dispersive
Spectrometer). The results show that there are four kinds of large second phases in the 7075 aluminum
alloy after solution treatment: Fe-rich (Al7Cu4Fe) phase (Figure 4a), Si-rich (MgSi) phase (Figure 4c),
S (Al2CuMg) phase (Figure 4e), and T (AlZnMgCu) phase (Figure 4g). The Fe-rich phase, Si-rich
phase, and S phase are larger primary phases of about 5–20 μm which are along the rolling direction,
while the T phase is a dispersively distributed phase of about 0.5–3 μm.
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(a) (b)

(c) (d)

(e) (f)

(g) (h)

30um

20um

20um

5um

Element Al Zn Mg Cu Fe Si 

At.% 82.59 0 1.21 3.25 12.95 0 

 

Element Al Zn Mg Cu Fe Si 

At.% 41.09 1.18 28.98 0 0 28.75 

 

Element Al Zn Mg Cu Fe Si 

At.% 71.65 8.33 12.87 7.15 0 0 

 

Element Al Zn Mg Cu Fe Si 

At.% 69.76 0 14.97 15.27 0 0 

 

Figure 4. SEM (scanning electron microscope) images and EDS (Energy Dispersive Spectrometer)
analysis results of the large second phase in the 7075 alloys with different solution times. (a,b) Fe-rich
phase and its EDS spectrogram; (c,d) Si-rich phase and its EDS spectrogram; (e,f) S (Al2CuMg) phase
and its EDS spectrogram; (g,h) T (AlZnMgCu) phase and its EDS spectrogram.

In order to quantitatively express the effects of the solution time on the large second phase,
the number and average size of the large second phases were measured and calculated by Image J
software (Version 1.49, National Institutes of Health, Bethesda, MD, USA, 2015). Figure 5 shows the
volume fraction of the large second phase with different solution times.
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Figure 5. Volume fraction of the second phase with different solution times.

In Figure 5, under the 480 ◦C solution temperature, the volume fraction of the large second phase
in the base decreases with the increase of the solution time, indicating that most of the remaining large
second phases have dissolved in the base but not completely, and the undissolved phases with large
size (Figure 4a,c,e) distribute along the rolling direction. After 0.5 h of solution time, the remaining
phases are mostly large T phases, S phases, Fe-rich phases, and Si-rich phases. At that time, the volume
fraction of the large second phases is about 1.27%. After 1.5 h, most of the T phases have dissolved in
the base, and the volume fraction of the large second phases decreases to 0.86%, but still leaves a small
portion of S phases, large Fe-rich phases, and large Si-rich phases. After 2 h, there are only impure
phases such as large Fe-rich phases and large Si-rich phases in the base, and few T phases and S phases
can be observed. At this time, the second phase is dissolved adequately, and the volume fraction is
0.54%, much less than before. Hence, the long solution time helps the dissolution of the second phases.

3.3. Effects of Solution Treatment on the Precipitated Phases

Figure 6 shows the results of the precipitated phases using TEM analysis of the 7075 aluminum
alloy, that were solution treated with different times (0.5 h, 1.0 h, 1.5 h, and 2.0 h). After solution
treatment, the dislocations in the base vanish in every picture. In Figure 6b, most of the precipitated
phases dissolve in the base, and only a few second phases are left in the grains. With the increase of
the solution treatment time, the density of the second phase decreases.

(b)

(c) (d)

(a)

100nm

100nm100nm

100nm

Figure 6. TEM micrographs of the precipitation characteristics of the 7075 aluminum alloy with solution
times of (a) 0.5 h; (b) 1.0 h; (c) 1.5 h; (d) 2.0 h.
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3.4. Effects of Solution Treatment on the High-Cycle Fatigue Life

The data of the uniaxial fatigue life of the 7075 aluminum alloy, solution treated in 480 ◦C for
different times, are listed in Table 2. As is shown in Table 2, when the axial loading stress is between
280 MPa and 320 MPa, most of samples’ fatigue life—N—is on the level of 104, while only the fatigue
life of Case 4 (480 ◦C/2.0 h), at the stress level of 280 MPa, reaches the level of 105. When the axial
loading stress decreases to 240 MPa, the fatigue life of most samples reach the level of 106. Only the
fatigue life of the samples in Case 1 (480 ◦C/0.5 h) stays at the level of 105.

Table 2. Data of the uniaxial fatigue life of the 7075 aluminum alloy for different solution
treatment times.

Spec No. Smax (MPa)
Fatigue Life—N (Cycles)

Case 1 (480 ◦C/0.5 h) Case 2 (480 ◦C/1 h) Case 3 (480 ◦C/1.5 h) Case 4 (480 ◦C/2 h)

1#

320
20,210 16,151 20,790 19,245

2# 18,410 18,050 15,990 20,095
3# 22,141 19,151 14,790 22,945

4#

300
34,157 41,151 37,956 59,410

5# 36,141 40,040 38,990 61,945
6# 39,520 42,642 40,247 53,921

7#

280
80,241 95,356 99,036 246,569

8# 71,451 86,547 95,701 226,569
9# 86,584 88,470 84,943 291,016

10#

260
193,039 261,477 372,882 699,403

11# 168,320 284,757 392,414 738,941
12# 181,241 224,646 420,440 751,814

13#

240
966,022 2,059,221 2,394,939 4,353,010

14# 904,514 1,824,641 2,560,780 4,568,122
15# 1,155,842 1,700,578 2,149,401 5,004,514

In addition, when the axial load stress is at a high stress level, greater than 300 MPa, the fatigue
life of the specimens under the same loading stress is almost the same, less than 105 cycles. However,
when the axial load stress is at a low stress level, less than 280 MPa, the high-cycle fatigue life is
significantly different. For the average fatigue life data, see Figure 7.

Figure 7. Fatigue life of the 7075 aluminum alloy under different solution times and loading stresses.

When the high-cycle fatigue life exceeds 105 cycles, it is significantly improved with the
prolongation of the solution time. Under the loading stress of 240 MPa, compared to that of 1.5 h, 1 h,
and 0.5 h, the fatigue life with the solution time of 2 h was respectively improved about 95.7%, 149%,
and 359%.
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In order to obtain the S-N curves of the 7075 aluminum alloy, the Weibull equation (Equation (1))
is used to fit the data:

lg(N) = a + blg(Smax − A), (1)

where a, b, and A are material constants, N is the fatigue life, and Smax is the maximum test stress.
The fitting results are shown in Table 3.

Table 3. The fitting results of the 7075 aluminum alloy with different solution times.

Solution Time/h
Fitting Parameters Fitting Formula

a b A

0.5 10.22 −2.90 210.7 lg(N) = 10.22 − 2.90lg(Smax − 210.7)
1.0 11.99 −3.75 205.4 lg(N) = 11.99 − 3.75lg(Smax − 205.4)
1.5 13.64 −4.53 199.4 lg(N) = 13.64 − 4.53lg(Smax − 199.4)
2.0 28.35 10.46 121.1 lg(N) = 28.35 − 10.46lg(Smax − 121.1)

Figure 8 shows the S-N curves of the 7075 aluminum alloy with different solution times. All the
S-N curves have no horizontal asymptote, indicating that the 7075 aluminum alloy has no real fatigue
limit. The fatigue life increases with the decrease of the stress level. Even though the stresses are at the
same level, the fatigue life under different solution treatment times differs. As can be seen from the
variation tendency of the S-N curve, when the stress is below a certain level, the fatigue life of all the
samples can reach about 107 cycles. The data indicated by the arrows in Figure 8 illustrate that at those
stress levels, when the loading cycles reached 107, the fatigue tests were stopped, while the specimens
had not been fractured.

Figure 8. S-N curves of the 7075 aluminum alloy under different solution times.

Table 4 shows the fatigue endurance of 7075-T651 and 7075 Al alloys after different solution
treatments. σ1×106 and σ1×107 describe the fatigue endurance, which are equal to the maximum stress
σmax at fatigue life N = 1 × 106 and N = 1 × 106, respectively [23]. From 0 to 2 h, the fatigue endurance
σ1×107 at 0.5 h is 200 MPa, and at 2.0 h it is 231 MPa, indicating that an appropriate lengthening of the
solution time is beneficial for the improvement of the fatigue properties of the 7075 aluminum alloy.
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Table 4. Fatigue endurance of the 7075-T651 and 7075 Al alloys with solution treatment.

Material
7075 Al with Solution Treatment (480 ◦C) 7075-T651

0.5 h 1.0 h 1.5 h 2.0 h Ref. [24] Ref. [25] Ref. [26]

R 0.1 0.1 0.1 0.1 −1 −1 0.1
σ1×106 239 245 248 258 248 230 250
σ1×107 200 226 228 231 223 193 180

In addition, the experimental results were compared with the fatigue endurance of 7075-T651
in references [24–26], and the effects of the stress ratio R were taken into account with the Walker
equation (Equation (2)) [27].

Nf = [σmax(
1 − R

2
)
γ 1

M
]
1/n

, (2)

where M is the intercept constant at 1 cycle for a stress-life curve, γ is the fitting constant for the Walker
method, and n is the exponent constant for a stress-life curve.

The value of σ1×106 and σ1×107 in references [24–26] are about 250 MPa and 200 MPa. The results
show that there is a certain deviation in the value, which may be due to the machine conditions,
fitting model, specimen surface treatment process differences, but the values are relatively close to our
result, which also verifies the reliability of the fatigue test results.

3.5. Analysis of the Morphology of High-Cycle Fatigue Fractures

In Figure 7, at the applied stress level of 260 MPa, the fracture belongs to high-cycle fatigue
fracture, with the fatigue life of all the samples exceeding 105. Therefore, the fatigue fracture under the
applied stress of 260 MPa was observed using scanning electron microscopy.

Figure 9 shows the overall morphology of the high-cycle fatigue fractures. The fatigue fracture
is made up of three regions, i.e., fatigue crack initiation region (A), crack propagation region (B),
and fatigue final rupture region (C). The fatigue crack initiation region (A) is the smallest region near
the surfaces of the samples. The crack propagation region (B), close to region (A), and with obvious
characteristics of “radial cracks”, is a smooth region. The arrows in the figure indicate the direction
of crack propagation. With the continuous extension of fatigue cracks, the extension area constantly
expands, the “radial cracks” gradually become sparse, and the crack propagation speed is also
gradually accelerated. When exceeding the critical crack value, the specimen is broken simultaneously,
forming a rupture region (C). The final rupture region (C) is a rough region, granulated and surrounded
by shear lips of various sizes.

Figure 10 shows the SEM morphologies of the fatigue crack initiation region. The fatigue cracks in
Figure 10a–c all initiate near the surfaces of the samples. The initiation of the cracks is the result of local
shear stress. Under the cyclic loads, small slip bands are generated due to the dislocation movement of
the alloy surface, and hence the initiation of the cracks in the slip band occurs. In Figure 10d, the cracks
stem from the impure phases close to the alloy surface. Studies show that the large remaining phases
in the 7075 aluminum alloy are mainly made up of undissolved T phases, S phases, Fe-rich phases,
and Si-rich phases. The fatigue cyclic loads make dislocations slip to impure phases and pile up,
and stress concentration is thus formed. When the stress is larger than the fracture strength and
bonding strength with the base, the impure phases will be broken or separated from the bonding
phases with the base, hence forming the cracks. Figure 10 also shows that the radial lines are centered
around the fatigue initiation area (A). This is because in the process of expansion, the crack front is
deviated in the direction of expansion due to the difference resistance, so that the crack begins to expand
along a series of planes with a height difference, and the different fracture surfaces intersect to form a
step. These steps constitute the characteristic morphology of the radial lines on the fatigue fracture.
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Figure 9. Fatigue fracture of the 7075 aluminum alloy under applied stresses of 260 MPa and solution
times of (a) 0.5 h; (b) 1.0 h; (c) 1.5 h; (d) 2.0 h.
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Figure 10. Fatigue crack initiation regions of the 7075 aluminum alloy under applied stresses of
260 MPa and solution times of (a) 0.5 h; (b) 1.0 h; (c) 1.5 h; (d) 2.0 h.

The process of crack propagation is divided into two stages [14]. In the first stage, the cracks
propagate along the direction with the maximum shear stress, extending to the depth of one or several
grains. In the second stage, due to the principal stress on the crack tips, the cracks propagate in the
plane perpendicular to the maximum normal stress. This propagation plane is a large one with obvious
fatigue striations.

Figure 11 shows the SEM morphologies of the first stage of crack propagation. The fracture in this
stage presents a zigzag plane [28]; with no obvious fatigue striations, it belongs to the shear fracture.
Additionally, around the shear zone there are some micro-voids which are formed by the undissolved
phases and bases under the fatigue loads.
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Figure 11. SEM morphologies of fatigue crack propagation (first stage) of the 7075 aluminum alloy
under applied stresses of 260 MPa and solution times of (a) 0.5 h; (b) 1.0 h; (c) 1.5 h; (d) 2.0 h.

Figure 12 shows the SEM morphologies of the second stage of crack propagation. Distinct fatigue
striations are highly visible. The intervals of the fatigue striations are stable, indicating a stable
propagation of the cracks. Meanwhile, in the direction parallel to the fatigue striations, there are a
number of secondary cracks propagating from the surface of the fracture to the interior, appearing in
an interrupted distribution. The depth of the cracks is much longer than that on the fracture. Due to
the secondary cracks, the paths of the crack propagation become more complex. The secondary cracks
are able to lower the drivers of propagation and promote the resistance to propagation. With the 2 h
solution treatment, there are more secondary cracks on the fracture, decreasing the crack propagation
rate, and the fatigue life and fatigue limit are thus promoted.

In Figure 13, L is the distance from the fatigue crack initiation region to the observation point.
At the observation point, five adjacent striation spacings were measured, and then the average value
of these adjacent striation spacings were regarded as the width of the fatigue striation—D. Figure 13
shows that the interval of fatigue striations increases following the growth of the cracks, indicating
a steady growth of the cracks in this region; the interval decreases with the increase of the solution
treatment time. At the same position of 1.5 mm and 2.0 mm, the fatigue striation at a solution time of
2 h is only 0.38 μm and 0.24 μm, respectively, which were relatively small. Under the same conditions,
the smaller the fatigue striations are, the higher the fatigue life is. The changing trends are consistent
with the data shown in Figure 7.
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Figure 12. SEM morphologies of fatigue crack propagation (second stage) of the 7075 aluminum alloy
under applied stresses of 260 MPa and solution times of (a) 0.5 h; (b) 1.0 h; (c) 1.5 h; (d) 2.0 h.
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Figure 13. Intervals of fatigue striation—D in locations L = 1.5 mm/2.0 mm with different
solution times.

Figure 14 presents the SEM images of the final rupture region. The fractures are mainly made
up of dimples. In addition, in the fatigue final rupture region, there are a lot of tearing ridges tearing
ridges similar to the fracture characteristics under static tension. With the 2 h solution treatment time,
the distribution of the dimples is more uniform than the other fractures.
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Figure 14. SEM morphologies of fatigue final rupture regions of the 7075 aluminum alloy under
applied stresses of 260 MPa and solution times of (a) 0.5 h; (b) 1.0 h; (c) 1.5 h; (d) 2.0 h.

4. Conclusions

The effect on the high-cycle fatigue properties and the microstructure of a typical Al-Zn-Mg-Cu
alloy after different solution treatments are discussed in this paper. Some important conclusions can
be made as follows:

1. As the solution treatment time increases, different levels of recrystallization and grain growth
occur in the studied alloy. The recrystallized grains merge and extend outward, flattening the
crystal boundaries. When the solution treatment time is 2 h, most boundaries of adjacent grains
disappear, becoming continuous rather than interrupted. Recrystallization is obvious and the
average grain sizes are large.

2. The large secondary phases in the Al-Zn-Mg-Cu alloy are mainly undissolved T phase, S phase,
Fe-rich phase, and Si-rich phase. Appropriate extension of the solution time can promote the
dissolution of the second phase particles, reduce the number and size of the second phase
particles, and improve the degree of solid solution of the alloy, so that the alloy microstructure is
more uniform.

3. The solution time has a significant influence on the high-cycle fatigue properties of the
Al-Zn-Mg-Cu alloy, especially when the fatigue life exceeds the 105 level at low stress levels.
The large second phases gradually dissolve with the increase of the solution time, which can lower
the probability of crack initiation. In the second stage of crack propagation, fatigue striations
and secondary cracks are obviously observed. The number of secondary cracks increases with
extending the solution time, which can reduce the drive force and crack propagation growth rate,
promoting the high-cycle fatigue properties of the Al-Zn-Mg-Cu alloy. The changing trend of the
fatigue striation interval validated this conclusion.
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Abstract: Mechanical and thermal sequences impact largely on thermo-mechanical fatigue of dies
in a die casting operations. Innovative techniques to optimize the thermo-mechanical conditions of
samples are major focus of researchers. This study investigates the typical thermal fatigue in die steel.
Die surface initiation and crack propagation were stimulated by thermal and hardness gradients,
acting on the contact surface layer. A design of experiments (DOE) was developed to analyze the
effect of as-machined surface roughness and die casting parameters on thermal fatigue properties.
The experimental data were assessed on a thermo-mechanical fatigue life assessment model, being
assisted by response surface methodology (RSM). The eminent valuation was grounded on the crack
length, hardness properties and surface roughness due to thermal fatigue. The results were analyzed
using analysis of variance method. Parameter optimization was conducted using response surface
methodology (RSM). Based on the model, the optimal results of 26.5 μm crack length, 3.114 μm
surface roughness, and 306 HV0.5 hardness properties were produced.

Keywords: response surface methodology; machining parameters; design of experiments;
thermal fatigue

1. Introduction

Reducing process lead time and design time are important aspect to reduce total cost of die
casting process. Minimizing the trial-and-error stage of the production can further assist in reducing
the cost. The shape of the cavity and die geometry is directly related to soldering tendency of a die
casting. The more complicated geometry a die has, the more likely soldering can occur. The dies of
complicated geometry usually procure sharp angles, core pins, nooks, and the part that acts as hot
spots. These hot spots can induce soldering, due to their higher temperatures than other areas [1].
Moreover, prolonging die service life and preventing catastrophic die failures is essential because
the die cost contributes considerably to the overall process cost. Die-casting dies are subjected to
high mechanical and thermal loads, which can cause appalling or delayed die failure due to mount
up damages. Most failures developed gradually and can be predicted. However, ongoing failures
after few cycles can root for a larger economical losses due to wrecked tools, expensive down times,
and disordered delivery schedules [2].

Thermal fatigue is one of the most common complications encountered in a die casting process.
It is a result of the cyclic, rapid, non-uniform heating and cooling of dies. Thermal fatigue gets
amplified by mechanical loadings and other damage mechanisms, such as erosion and corrosion.
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Thermal fatigue is one of the major foundations of poor-quality castings and die failures. The initial
phase of the thermal fatigue initiates with the formation of micro-crack networks denoted as heat
checking. Heat checking results in the deterioration of die cavity surfaces. Further damage is due to
heat checking leads to clasping, defective castings, and subsequently die damage and failure [3–8].
When an unconstrained object is slowly and uniformly heated or cooled, it will expand or contract
proportionally to its coefficient of thermal expansion, and a temperature change will occur in relation
to the mentioned temperature. However, if the body is constrained during the heating and cooling
process, it will develop stresses and strains because it cannot reach its unconstrained dimensions
properly. Similarly, if a body does not load and release through the same stress–strain path, repeated or
cyclic heating and cooling might outcome in the build-up of inelastic deformation. If the time-varying
stress within the body is tensile, accumulation may lead to a thermal fatigue. Even an unconstrained
body may develop large thermal stresses if exposed to non-uniform or rapid heating and cooling.

Objects with sudden geometric and compositional variations retain internal constraints which are
caused by temperature distribution. In a case of rapid surface temperature changes in a solid body,
the temperature of a nearby surface layer increases and decreases promptly, whereas the rest of the
body cannot react fast enough to the alterations in temperature. Different expansions and contractions
within the body provide internal constraints, and various layers expand and contract at different
degrees. Each region gets constrained by its neighbouring region, which results in a stress-strain field
within the body [7–9]. Thermally induced stresses are not the only factors involved in the thermal
fatigue phenomenon. Die material properties at elevated temperatures, mechanical loads from filling
and locking, residual stresses, and cavity surface conditions also affect a material’s response to heat
checking and a thermal fatigue. Tempering, decarburization, and phase or structure changes due to an
exposure to elevated temperatures accelerate thermal fatigue.

To predict and avoid die failures and their consequences, thermal management of dies,
the interactions between thermal and stress/strain fields, material properties, and the influence of all
these factors on die service life must be understood. By investigating the effects of these factors on die
life during the design stage of dies and the casting process, prolonged die service life can be succeeded.
A reliable die service life prediction allows for accurate estimates of actual die and production cost,
reduces undesired machine down times, and helps to achieve good production management during
production processes [2,9–11]. Furthermore, thermo-mechanical fatigue (TMF) experiments on die
casting require costly equipment, time consuming, and often conducted through thermal testing under
the same operating conditions as that for die-casting dies; however, in fact, the temperature and number
of cycles are fixed and kept constant [9–12]. The damage on the die obtained by TMF experiments
is less than that obtained in isothermal fatigue (IF) experiments [13]. The purpose of this study is to
fit a model of the die life by using an experimental data. Experimental procedures were designed
to mimic the commercial die casting process. The thermal fatigue process was conducted in a cyclic
manner with constant sample temperature during the test [14–16]. Analysis of dies was performed by
associating several of the previously mentioned factors that influence the temperature profile and the
thermal gradients with the structural state, within the tool. The step was implemented by employing
the temperature profiles obtained through a previous 1D thermal analysis and imposing them on the
die cavity/casting interface via 2D thermal finite element models (FEMs), respectively. Thermal finite
element analysis was conducted using ABAQUS software (Version 6.13.1, ABAQUS, Johnston, RI,
USA, 2013), and this analysis was followed by a sequentially coupled structural analysis. The cooling
effects of the lubricants were studied through experimental and numerical investigations. The effects
of initial die cavity surface temperature and spray fluid density (spray volume per-unit surface area
per-unit time as defined by Lee), have been a focus of several previous researchers [3–6,17–20].

In this study the effects on service life were investigated through response surface methodology
(RSM), employing a three-factor Box-Behnken design. The thermal fatigue cycle parameters were
evaluated with three levels for each factor. An experimental investigation was conducted to quantify
the relationship between the input factors (as-machined surface roughness, Ra1, wall thickness,
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and immersion time) and responses (crack length, surface roughness due to thermal fatigue, Ra2,
and hardness properties). Moreover, by combining existing and new data on heat transfer in die-casting
dies and die material properties with RSM modelling, a method for predicting the onset of heat
checking in H13 steel dies has been proposed.

2. Experimental Procedures

2.1. Materials

The samples in this study were made from H13 tool steel .In the fatigue testing, the sample was
dipped into molten A356 aluminium alloy was used in the study. Chemical configuration for both
H13 tool steel and A356 aluminium alloy are shown in Tables 1 and 2 respectively. The geometry of
the samples is shown in Figure 1 with different sample wall thicknesses to analyze thermal gradient,
determine efficient cooling in the central part and thermal fatigue cracks and varied surface roughness
due to thermal fatigue.

Table 1. Chemical composition of American Iron and Steel Institute (AISI) H13.

Element C Si Mn Cr Mo V W

wt (%) 0.51 1.26 0.413 5.5 1.52 1.0 0.02

Table 2. Chemical composition of Al 356.

Element Cu Mg Mn Si Zn Ti Fe

wt (%) 0.25 0.45 0.35 7.5 0.35 0.25 0.2

Figure 1. Samples with different wall thickness of (a) 11.5 mm (b) 9.0 mm and (c) 6.5 mm.

2.2. Experimental Apparatus and Work Procedure

A simulative laboratory experiment was conducted to generate controlled thermo-mechanical
fatigue failures. Thermal wear set-up simulates an aluminium alloy die-casting conditions with testing
cycle time of 24 s, 28 s and 32 s. The samples were dipped into molten aluminium at 700 ◦C and
quenched in water at 32 ◦C for 7 s, 9 s and 11 s to generate thermal gradients during cooling process.
In between the heating and water quenching, the samples were air-cooled at 28 ◦C for 5 s before
repeating the next cycle. Thermal fatigue loading was achieved by 1850 cyclic movements. The inner
wall of the samples was cooled by spraying water at room temperature for 3 s.

Samples surfaces were examined through optical microscope (MT8000 Series Metallurgical
Microscopes, Microscope.com, Roanoke, VA, USA) and scanning electron microscope (SEM) (HITACHI
Tabletop Microscope TM3030Plus, Hitachi High Technologies America, Inc., Schaumburg, IL, USA).
For each immersion experiment scheme cycle, a characteristic testing sample from the final treated
sample (when the sample was clamped on the equipment), was obtained. The transverse parts of
the cycled samples were investigated for the exclusive evaluation of the detrimental penetration
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depth, microhardness, and microstructural amendments by using (SEM) and Vickers hardness tester
(Instran ITW Test & Measurement Co., Ltd., Shanghai, China), respectively. The sample surface
profile was measured with a two-dimensional surface profilometer MarSurf PS1 (Mahr, Göttingen,
Germany). Surface roughness were measured using MAHR parameter MarSurf PS1 (Mahr, Göttingen,
Germany), before and after the process. Thermally worn samples were investigated for crack analysis,
metallographic study, and hardness properties. Metallographic study and crack analysis were
performed along a longitudinal cross-section through SEM and Energy-dispersive X-ray spectroscopy
(EDXS) analysis. The crack length on the sample surface was measured with ImageJ software (Version
2, National Institutes of Health, Bethesda, MD, USA, 2008); an image processing software available
online [21]. The crack tips were then marked manually. The hardness properties were measured across
the sample thickness with Vickers indenter.

2.3. Factors and Response Surface Modeling

Among the factors that may affect the response, several were selected to be kept constant during
the experiment. The selected factors included are material, cooling fluid, and the sample heat treatment.
In addition, several important factors related to thermal fatigue were considered. These factors
included as-machined surface roughness, sample wall thickness, and immersion time cycle, which
is a parameter that depends on the amount of cracks and hardness induced in the material (Table 3).
The maximum crack length, gradient hardness, and roughness after the thermal fatigue test were
observed as responses in the model. Thermal-mechanical and temperature cycles are phase variations,
which means that the minimum load coincides with the minimum temperature, and the maximum
tensile load is applied with the maximum temperature [22,23]. The investigated material was the tool
steel used in the thermal fatigue wear test (H13 tool steel).

Table 3. Surface design factor levels.

Factor Name Low High

A Surface roughness (μm) 2.5 5.5
B Wall Thickness (mm) 6.5 11.5
C Immersion Time (s) 7 11

The experimental plan and results for the crack length (CLs) of samples, surface roughness due
to thermal fatigue (Ra2) and hardness properties obtained from the experimentation are presented in
Table 4.

Table 4. Outcome of defect thermal fatigue cycles.

Input Factors Outcome (Response)

Std Ra1 (μm) Wall Thickness
(wt) (mm)

Immersion
Time (T) (s) CLs (μm) Ra2 (μm) Hardness

(HV0.5)

1 2.5 6.5 9 30 2.8 293
2 5.5 6.5 9 46.8 6.3 239
3 2.5 11.5 9 32 2.7 297.4
4 5.5 11.5 9 46 5.9 257
5 2.5 9 7 26.5 3.5 294
6 5.5 9 7 43 6.53 242
7 2.5 9 11 30 2.9 288
8 5.5 9 11 52 5.9 235
9 4 6.5 7 32.3 4.6 291.7
10 4 11.5 7 35 4.6 265
11 4 6.5 11 41 4.6 250
12 4 11.5 11 46 4.35 291
13 4 9 9 38.5 4.3 285
14 5.5 9 9 47.3 6 246
15 2.5 9 9 30.6 2.8 297
16 5.5 11.5 7 47.6 6 234
17 2.5 6.5 11 33 2.9 267
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3. Results and Discussion

3.1. Effect of Surface Roughness, Wall Thickness and Immersion Time on Crack Spherical Shape (SPH)

The second-order polynomial model was used to approximate the relationship between the
three factors and response crack with Equation (1) suitably. The model showed that crack increased
with an increase in the immersion time and decreased with an increase in the wall thickness.
Another observation indicated that these factors (as-machined surface roughness, wall thickness, and
immersion time) were “significant” to crack, respectively [11]. Table 5 shows the analysis of variance
indicating that the model is adequate because the p-value of the square is much more than linear.

CLs = +2.3622 + 0.41111 × A + 0.086558B + 0.17442C + 7.7737 × 10−4 AB + 6.1881 × 10−3 AC − 5.1788 × 10−3BC, (1)

where CLs is crack length, A is as-machined surface roughness, B is wall thickness, and C is
immersion time.

Table 5. Response surface 2FI model for crack length.

Source Sum of Squares Df Mean Square F Value p-Value Prob > F

Model 6.42 6 1.07 41.91 <0.0001
A—surface roughness, Ra1 5.72 1 5.72 224.21 <0.0001

B—wall thickness 0.11 1 0.11 4.26 0.0660
C—immersion time 0.87 1 0.87 34.20 0.0002

A × B 4.196 × 10−5 1 4.196 × 10−5 1.644 × 10−3 0.9685
A × C 1.701 × 10−3 1 1.701 × 10−3 0.067 0.8016
B × C 3.311 × 10−3 1 3.311 × 10−3 0.13 0.7263

Residual 0.26 10 0.026
Cor Total 6.67 16

Crack SPH was obtained experimentally, and other values were predicted, in which the estimated
regression coefficient for the second order predicted the crack and analysis of variance, as shown
in Table 6. The small p-values for the linear term showed that their contribution was significant in
the model. Moreover, the main effects were individually significant at the 0.05 significance level.
Crack SPH was significant to the response model at α = 0.05. From the value of R1 (96.17%), the fit of
data can be measured from the estimated model.

Table 6. Analysis of variance for crack.

Standard Deviation (Std. Dev) 0.16 Adeq Precision 19.815

Mean 6.19 Pred R-Squared 0.8678
Coefficient of Variation (C.V. %) 2.58 Adj R-Squared 0.9388

PRESS 0.88 R-Squared 0.9617

Figure 2 shows that the residuals follow a straight line, and the errors appear to be normally
distributed. In such case, many parameters were carefully estimated to justify the test. Figure 3 shows
that the response surface model determined above is relevant to the crack surface. The factors that
are not on the plot are at their average level. The plots exhibited a square according to the surface 2FI
model, and immersion time and Ra1 contribute equally to reducing crack. Meanwhile, reduced crack
length extends the lifetime of dies, but this factor cannot compensate for the reverse effect due to an
increase in the other factors; wall thickness and Ra1.
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Figure 2. Normal probability plot of residuals.

Figure 3. Contour plot of crack length responding to (a) Ra1 and wall thickness, (b) Ra1 and immersion
time. (c,d) a 3D view of crack length interaction with the respective parameters.
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3.2. Effect of As-Machined Surface Roughness, Wall Thickness and Immersion Time on Ra2

To describe the effective factors, a second-order equation was established under the conditions of
surface roughness due to thermal fatigue, Ra2, is expressed as follows:

Ra2 = 1.191 + 0.249A + 0.027B − 4.274 × 10−3 AB + 4.564 × 10−3 AC − 2.291 × 10−3BC, (2)

where Ra2 is the surface roughness due to thermal fatigue.
Table 7 indicates that the model is adequate because the p-value of the square is much more

than linear. To assess the validity of the model (Equation (2)), a probability plot (Figure 6) was used
to compare the measured and predicted y2. The Ra1, wall thickness, and immersion time data are
plotted in Figure 4. Figure 4 show that most value matched one another well, except that the difference
between the measured and predicted values exceeded 0.6 μm. The smallest value of Ra2 was measured
for H13 tool steel after thermal fatigue cycles (1850 cycles) with a constant temperature of 700 ◦C.
The data on additional factors were used to generate the probability plot, except for two data points
where the model overpredicted the measured data by over 0.6 μm. The additional test data fit the
model reasonably and supports the validity of the model in predicting the values of Ra2.

Table 7. Estimated regression coefficients for surface roughness due to thermal fatigue, Ra2.

Source Sum of Squares Df Mean Square F Value p-Value Prob > F

Model 1.75 6 0.29 88.40 <0.0001
A—surface roughness, Ra1 1.61 1 1.61 488.86 <0.0001

B—wall thickness 6.229 × 10−3 1 6.229 × 10−3 1.89 0.1995
C—immersion time 0.015 1 0.015 4.47 0.0605

A × B 1.268 × 10−3 1 1.268 × 10−3 0.38 0.5492
A × C 9.257 × 10−4 1 9.257 × 10−4 0.28 0.6080
B × C 6.479 × 10−4 1 6.479 × 10−4 0.20 0.6672

Residual 0.033 10 3.301 × 10−3

Cor Total 1.78 16

 

Figure 4. Normal residual probability.

Figure 5 shows a contour plot of Ra2, responding to three parameters. The increase in Ra1,
and immersion time affected Ra2 dramatically. In Figure 6, the Ra2 reached the highest value when the
Ra1 increases.
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The response surface plots (i.e., graphing of Equation (2)) for Ra2 against Ra1 and wall thickness
ratio, and for Ra2 against Ra1 and immersion time are shown in Figure 5a–d respectively. In Figure 5b,
the measured Ra2 increased with Ra1 and immersion time [24,25]. Generally, the predicted Ra2 for the
different samples was lower than that for steel B and C, which is consistent with the measured results
(Figure 5a,b). The effect of the difference in time and wall thickness on y2 varied for the different H13
samples (Figure 5b,d). With Ra1 versus immersion time increasing from 0% to 24%, Ra2 increased for
parameters A and C. With a decrease in Ra2, the effect on tool steel also decreased.

Figure 5. Contour plot of surface roughness due to thermal fatigue, Ra2, responding to (a) Ra1

and immersion time, (b) Ra1 and wall thickness. (c,d) a 3D view of Ra2 interactions with the
respective parameters.

3.3. Effect of As-Machined Surface Roughness, Wall Thickness and Immersion Time on Hardness Properties

The second-order equation was established to describe the influencing factors and conditions
investigated in this study on the surface hardness. The second-order model can be expressed as

y3 = 20.304 + 0.535A − 0.879B + 0.159C + 0.030AB − 4.244 × 10−3 AC + 0.102BC
−0.159A2 − 5.755 × 10−3B2 − 0.062C2,

(3)

where y3 is hardness.
The model (Equation (3)) shows that surface hardness increased with an increase in

surface roughness and wall thickness [26,27]. Furthermore, the square of surface roughness,
Ra1, and immersion time provided a good indication that as-machined surface roughness was a
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major factor in Ra2 changes. The analysis of variance as shown in Table 8 indicates that the model was
adequate because the p-value of the response surface quadratic model is significant.

Table 8. Response Surface Quadratic model by the analysis of variance (ANOVA).

Source Sum of Squares df Mean Square F Value p-Value Prob > F

Model 8.87 9 0.99 235.55 <0.0001
A—surface roughness, Ra1 6.66 1 6.66 1591.11 <0.0001

B—wall thickness 0.19 1 0.19 45.01 0.0003
C—immersion time 0.11 1 0.11 26.97 0.0013

A × B 0.058 1 0.058 13.86 0.0074
A × C 7.642 × 10−4 1 7.642 × 10−4 0.18 0.6820
B × C 1.24 1 1.24 295.20 <0.0001

A2 0.34 1 0.34 81.02 <0.0001
B2 4.378 × 10−3 1 4.378 × 10−3 1.05 0.3404
C2 0.21 1 0.21 49.97 0.0002

Residual 0.029 7 4.185 × 10−3

Cor Total 8.90 16

The hardness values for all the samples at different through-the-wall thickness increased slightly
with the increasing temperature. However, compared with hardness due to thermal fatigue cycles,
the HV0.5 values were much lower, when the Ra1 and immersion time increased. These tests require
the error term to be normally and independently distributed with mean zero and variances. Figure 6
shows the normal probability, fitted values, and histogram of residuals, respectively.

Figure 6. Normal probability plot of residuals.

Figure 7 shows the hardness contours at three different parameters. The increase in Ra1 and
immersion time clearly affected Ra2 dramatically. In Figure 5, Ra2 reached the highest value, when the
Ra1 increases. Hardness properties increased more rapidly with increasing temperature in comparison
to increasing time. All the empirical equations predicting change in the properties are based on the
three factors, namely, as-machined surface roughness, wall thickness, and immersion time.
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Figure 7. Contour plots of hardness properties responding to (a) Ra1 and immersion time, (b) Ra1 and
wall thickness. (c,d) a 3D view of hardness properties, interaction with the respective parameters.

3.4. Influence of Cooling Rate on Hardness Properties and Crack Length

In the experiment, the maximum and the variety of temperatures reached at the surface and the
difference inside the sample was investigated only as a function of the cooling system. A cooling
system brought the maximum temperature at the surface. Therefore, the effect of cooling system
on crack length as a function of maximum temperature at the surface of the sample. The value
assessments of maximum crack length decreased with the increase in the maximum temperature.
The identical trend was observed in the experiment conducted for the thermal fatigue cracking
parameters. The relationship between the cracking and microhardness measured at a distance equal to
the average maximum crack length, followed the temperature trend and confirmed the observation
made for different immersion times, as shown in Figure 8. The longer crack is mainly because of the
higher temperature at the surface, the lower is the hardness next to crack.
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Figure 8. Relation between hardness HV0.5 and crack length.

4. Conclusions

In the following research study, a mathematical model with second order has been employed
to anticipate the crack parameters including the immersion time, surface roughness, Ra1, and wall
thickness process by evaluating the surface roughness due to thermal fatigue, Ra2, and the temperature
respectively, which is based on response surface methodology (RSM). The mathematical model
outcomes were later equated with the experimental findings. It was observed that the immersion time,
Ra1, and wall thickness affected Ra2 and temperature distribution when milling the H13 tool steel.
Some important conclusions derived from the study are concluded as following:

1. The response surface methodology (RSM) resulted in an advantageous procedure for the surface
roughness and temperature analysis. In addition, designing experiments are essential to produce
statistics, which in turn is beneficial in expanding the calculating equations for surface roughness,
crack length, and hardness properties. The investigation of variance for the second order for
both the studied model displays that the immersion time is the most affected parameter which
afflicted the hardness and the crack lengths followed by wall thickness.

2. Both second order models were observed to be expedient in forecasting the key effects and the
square effects of diverse dominant arrangements of the machining constraints. The process was
found cost-effective in shaping the effect of several parameters in a methodical way. In addition,
the process for the thermal fatigue cycle of H13 tool steel, the legitimacy of the process is typically
restricted to the collection of factors measured during the investigation.

3. The RSM model could effectively relate the machining parameters with the responses,
crack, surface roughness due to thermal fatigue, and hardness properties. The optimal parameter
setting resulted crack length of 26.5 μm, surface roughness of 3.114 μm, and hardness properties
of 306 HV0.5.

4. The results generated by the predicted model are equated with the experimental results.
The observed percentage error is very low, which is only 2% for both the predicted models.
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Abstract: Background—Creep-fatigue behavior is identified as the incorporated effects of fatigue
and creep. One class of constitutive-based models attempts to evaluate creep and fatigue
separately, but the interaction of fatigue and creep is neglected. Other models treat the damage
as a single component, but the complex numerical structures that result are inconvenient for
engineering application. The models derived through a curve-fitting method avoid these problems.
However, the method of curving fitting cannot translate the numerical formulation to underlying
physical mechanisms. Need—Therefore, there is a need to develop a new creep-fatigue formulation
for metal that accommodates all relevant variables and where the relationships between them are
consistent with physical mechanisms of fatigue and creep. Method—In the present work, the main
dependencies and relationships for the unified creep-fatigue equation were presented through
exploring what the literature says about the mechanisms. Outcomes—This shows that temperature,
cyclic time and grain size have significant influences on creep-fatigue behavior, and the relationships
between them (such as linear relation, logarithmical relation and power-law relation) are consistent
with phenomena of diffusion creep and crack growth. Significantly, the numerical form of “1 − x”
is presented to show the consumption of creep effect on fatigue capacity, and the introduction of
the reference condition gives the threshold of creep effect. Originality—By this means, the unified
creep-fatigue equation is linked to physical phenomena, where the influence of different dependencies
on creep fatigue was explored and relationships shown in this equation were investigated in a
microstructural level. Particularly, a physical explanation of the grain-size exponent via consideration
of crack-growth planes was proposed.

Keywords: creep fatigue; physical mechanism; temperature; cyclic time; grain size; fatigue capacity

1. Introduction

Creep-fatigue damage is physically explained as the combined effects of fatigue and creep, due to
reversed loading and elevated temperature respectively. Historically, creep-fatigue models have been
developed through either a constitutive-based method, or an empirically-based method.

The constitutive-based method is typically conducted by exploring the underlying physical
mechanisms of fatigue and creep, and by including parameters representing the properties of the
material. Some constitutive models have been extended from the conventional idea of continuum
damage, including the linear damage rule [1,2] and the crack growth law [3]. Examples of such models
are those proposed by Takahashi [4,5] and Warwick [6] which are based on ductility and energy
exhaustion with the total damage being divided into fatigue damage and creep damage, the model
proposed by Sehitoglu [7] that divides the total damage into three sub-damages caused by fatigue,
oxidation and creep, and the model proposed by Ainsworth [8] that partitions the crack as a whole
into sub-effects caused by fatigue and creep.
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The constitutive models based on continuum damage are successful in evaluating creep and
fatigue separately, but do not address the interaction of fatigue and creep, hence weakening the
applicability. The deeper issue is that the interactive effect between fatigue and creep is complex and the
numerical formulism is unknown. Thus, it is difficult to further improve the continuum-damage-based
models by introducing an interactive effect. Some constitutive models try to avoid the need to evaluate
the interactive component, by treating the total damage or the fatigue ability as a single component.
Examples are the model [9,10] extended from the Chaboche model [11], the model [12,13] that described
the crack-tip behavior, and the model [14,15] that evaluated dissipated energy. Although these models
present a comprehensive numerical representation of creep fatigue, they provide mathematically
complex structures. Therefore, these models are not convenient to be used by engineers who need
to obtain fatigue life through simpler physical parameters such as applied loading, temperature and
cyclic time.

The empirical-based method is typically conducted by fitting mathematical formula to the empirical
data, with the emphasis on high quality of fit. The empirical-based models might be more favorable since
these models provide simpler/clearer numerical representations. By the empirical-based method the
creep-fatigue behavior is numerically represented—this is achieved by incorporating the creep-related
parameters into one of the conventional fatigue models, such as the Basquin equation [16] for the
high-cycle regime, or the Coffin-Manson equation [17,18] for the low-cycle regime.

The low-cycle creep-fatigue behavior has received much attention, and resulted in different
strain-based creep-fatigue models. The first model developed by the empirical-based method
was attempted by Coffin [19], who proposed the frequency-modified Coffin-Manson equation.
Then, this formulation was further modified by Solomon [20] and Shi et al. [21] through
directly introducing a temperature dependency. Discarding the family of equations based on the
frequency-modified Coffin-Manson equation has given additional numerical representations of creep
fatigue, such as the equations proposed by Jing et al. [22], Engelmaier [23] and Wong and Mai [24].

However, these creep-fatigue models have significant limitations. The issue is that there are
multiple variables to model: failure mode (creep, creep-fatigue and fatigue), multiple temperatures,
different cyclic times (frequency), and different materials (type of material and grade thereof).
The existing curve-fitting models cover one or both of variable temperature and cyclic time, but are
specific to one material grade. This is because these models were derived from one specific situation.
In addition, these existing models cannot cover the full range of conditions from pure fatigue to pure
creep, since they were derived from the empirical data of creep fatigue. In this case, the existing
models cannot natively be extended to other materials or failure modes. Furthermore, these existing
models cannot provide an economical method for engineering design because numerous creep-fatigue
experiments are required to achieve high quality of curve fitting.

These three disadvantages arise as an intrinsic limitation of the method of curve fitting,
since statistical fitting accuracy does not necessarily translate to a robust description of the underlying
physical mechanisms. Therefore, these models are only numerical representations of creep-fatigue
behavior, and no underlying physical mechanisms of fatigue and creep are provided. The fitting
method and related existing creep-fatigue models do not provide a route to achieve a unified
formulation across multiple materials, integrated representation of failure modes, and engineering
economy. However, these disadvantages are recently improved by the low-cycle unified creep-fatigue
equation [25–27] (the description of this new model will be presented in Section 2). While this new
model does not formalize the interactive effect between fatigue and creep, nonetheless the error of life
prediction caused by this is within an acceptable range (we assume the ratio of predicted fatigue life to
experimental result is between 0.75 and 1.25). This is because the coefficients in this new model are not
solely derived from the empirical data of pure fatigue or/and pure creep, even though the relationships
between different variables in this model are based on the mechanisms of fatigue and creep.

The purpose of the current paper is to link the low-cycle unified creep-fatigue equation to
physical phenomena. To do this we considered each of the main dependencies (including temperature,
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cyclic time and grain size) and relationships for the unified creep-fatigue equation, and explored what
the literature says about the mechanisms of fatigue and creep. Specifically, the creep and fatigue
mechanisms based on the underlying physical mechanisms in terms of temperature, cyclic time and
grain size were discussed, then the consistency between the physical mechanisms and the structure of
the unified creep-fatigue equation was investigated.

2. Brief Description of the Unified Model

The low-cycle unified creep-fatigue equation (Equation (1)) [25–27] is presented as follow:

εp = C0c(σ, T, tc, d)N−β0 (1)

with

c(σ, T, tc, d) = 1 −
[
c1(σ)

(
T − Tre f

)
+ c2 log

(
tc/tre f

)]
·
[

A
(

d/dre f

)m]

T − Tre f =

{
T − Tre f f or T > Tre f

0 f or T ≤ Tre f

tc/tre f =

{
tc/tre f f or tc > tre f

1 f or tc ≤ tre f

where εp is the plastic strain, C0 is the fatigue ductility coefficient, β0 is the fatigue ductility exponent,
N is the creep-fatigue life, σ is the stress, T is the temperature, tc is the cyclic time, d is the grain
size, Tre f is the reference temperature, tre f is the reference cyclic time, dre f is the reference grain size,
and A and m are constants. The derivation of this unified creep-fatigue formulation is based on the
concept of fatigue capacity, which numerically shows the process of gradual consumption of full
fatigue capacity by creep effect. Particularly, the relationships between different variables in this
unified formulation can be explained by physical meaning. This is a remarkable characteristic for
this new formulation, which results in several significant advantages on the creep-fatigue description.
Specifically, the unified creep-fatigue equation was well validated at multiple temperatures and
cyclic times for multiple materials [25–27], such as 63Sn37Pb, 96.5Sn3.5Ag, stainless steel 316 and
Inconel 718, thus the unified characteristic is presented. In addition, this unified formulation can
be restored to the Coffin-Manson equation at pure-fatigue condition and can be reorganized to the
Manson-Haferd parameter [28] at pure-creep condition, thus the integrated characteristic is included.
Furthermore, the coefficients of this unified formulation can be extracted with minimum experimental
effort, which provides an effective and efficient method for engineering design. In general, function
c1(σ) and constant c2 are extracted from creep-rupture tests, and the constants C0, β0, A and m are
derived from creep-fatigue tests. A brief description of the validation on material GP91 casting steel
is presented below, based on [25]. Briefly, the pure-creep condition (εp = 0) gives the formula of the
constant c2 (Equation (2)) through letting T = Tref, and suggests function c1(σ) (Equation (3)) through
letting tc = tref.

c2 =
1

log
(

ta/tre f

) (2)

c1(σ) = − c2

PMH(σ)
(3)

Then, creep-fatigue data are applied to obtain the constants of A, m, C0 and β0 through minimizing
the error (Equation (4)) between the predicted creep-fatigue life (Npre,ij) and experimental results
(Nexp,ij):

error = ∑
i,j

(
log Npre,ij − log Nexp,ij

)2 (4)
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The reference temperature for GP91 casting steel is chosen as 610 K, the reference cyclic time is
defined as 1 s, and the reference grain size is selected as 25 μm. The creep-rupture data [29] gives the
point of convergence (Tref, logta) which is evaluated as (610 K, 18.281), and thus,

c2 =
1

log
(

ta/tre f

) =
1

log(1018.281/1)
= 0.0547 (5)

And the relationship between stress and the Manson-Hafer parameter (PMH) is given as:

− 1
PMH(σ)

= 0.0174 + 2.20 × 10−4σ − 3.2 × 10−7σ2 (6)

Then, substituting Equations (5) and (6) into Equation (3), function c1(σ) is expressed as:

c1(σ) = − c2

PMH(σ)
= 9.51808 × 10−4 + 1.20344 × 10−5 fmσ − 1.75045 × 10−8 fm

2σ2 (7)

where fm is a moderating factor which is introduced to compress the constant stress into an equivalent
creep damage under the cyclic situation. The magnitude of fm is given as 0.6366 for the sinusoidal
wave. The empirical data of creep fatigue (T = 673 K, tc = 5 s, d = 25 μm; T = 823 K, tc = 5 s, d = 25 μm;
T = 873 K, tc = 2 s, d = 35 μm) obtained from Ref. [30] give the constants of C0, β0, A and m through
minimizing the difference between predicted life and experimental life (numerically optimization)
(Equation (4)). Specifically, C0 = 0.9532, β0 = 0.669, A = 0.5588 and m = −0.4053. In addition, the ratios
of predicted fatigue life to experimental fatigue life are plotted in Figure 1. This figure shows that all
data points fall in a reasonable range (within the upper bound (+25%) and the lower bound (−25%)).
This implies that the unified formulation has high accuracy of fatigue-life prediction.

 

Figure 1. Application of the unified model to predict fatigue life vs. experimental fatigue life for GP91
casting steel, with raw data from physical tests from [29,30].

We also indicated that the unified formulation provides a more economical method of fatigue-life
evaluation for engineering application. This was discussed and proved in [31], where the unified
formulation was compared with Wong and Mai’s equation. Specifically, taking 63Sn37Pb solder as an
example, both Wong and Mai’s equation and the unified formulation give high accuracy of fatigue-life
prediction when all eight groups of creep-fatigue data are imposed. Then, three groups of creep-fatigue
data were selected to extract the coefficients of these two formulations. When Wong and Mai’s equation
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with the coefficients obtained at this stage is extended to predict fatigue life at total eight creep-fatigue
situations, the average error dramatically worsens. However, only a slight reduction of average error
was presented by the unified formulation. This implies that the unified formulation requires less
creep-fatigue experiments to extract the coefficients, and thus a more economical method is provided
for engineering application.

Overall, the new model presents a good balance between accuracy and economy, which is very
important for engineering applications. More information of the advantages presented by the unified
formulation is shown in Ref. [31].

3. Influence of Relevant Variables on Creep-Fatigue Behavior

Creep-fatigue process presents the fatigue behavior under elevated temperature, where
creep effect is active. At the microstructural level, fatigue and creep show different underlying
principles. Generally, fatigue effect occurs via cracks through the grains, while creep effect involves
the grain boundary cracking [32]. The accumulation of creep-fatigue damage implies that full
fatigue capacity is gradually consumed by creep effect, which is macroscopically influenced by
temperature and cyclic time, and is related to grain size in the microstructural level. These relevant
variables are accommodated in the unified creep-fatigue equation. We discuss these three main
dependencies since they are frequently investigated and presented in the existing creep-fatigue models.
Practically, the creep-fatigue behavior is also influenced by other effects, such as mean stress/strain and
applied loading. The effect of mean stress/strain is not included into the unified equation, which is a
limitation of this new model and will be considered in future research. In addition, the effect of applied
loading (stress and strain) on creep is indirectly incorporated into function c1(σ), where this function
is extracted through the relationship between applied loading and the Manson-Haferd parameter. It is
generally accepted that the increased loading results in more vulnerable bonds between atoms due to
change to inter-atomic spacing. This provides a favorable situation to initiate the atomic movements.
In this case, creep damage is intensified with increased loading, and then fatigue capacity is reduced.

The influences of these three main variables (temperature, frequency/cyclic time and grain size)
are shown below.

3.1. Temperature Dependency

Temperature has significant influence on creep, but presents negligible effect on pure fatigue [33]
where creep is dormant. Normally, creep effect is activated when temperature is higher than 35% of
the melting temperature [34], which may be attributed to the behavior of atomic vibrations [35]. To be
specific, atomic vibration is accelerated (also the internal energy is increased) with rising temperature,
where favorable conditions to break the bonds between atoms are provided. This threshold temperature
is defined as the reference temperature, which is included in the unified formulation (Equation (1)).
In this case, the discussion of temperature dependency focuses on creep behavior. Normally, creep
mechanisms are divided into Nabarro-Herring creep, Coble creep, grain boundary sliding and
dislocation creep [32,36]. Nabarro-Herring creep and Coble creep show a strong dependence on
temperature, where diffusional flow of atoms occurs under conditions of relatively high temperature.
Grain boundary sliding involves displacements of grains against each other. This is the main
mechanism for the creep failure of ceramics at high temperature because of glassy-phase formation at
grain boundary, which provides good sliding condition along grain boundary. Therefore, this creep
behavior is not a major contributor to metals and hence is removed from further consideration here.
Dislocation creep presents drastic dislocation through the crystal lattice, which results from both
line defects and point defects at relatively low temperature. Therefore, high stress is needed and
small diffusional flow is involved. This process shows a highly sensitive to the applied stress on
material, but not temperature. This is indicated in Ref. [32], wherein a higher stress sensitive exponent
is presented compared to the other three creep mechanisms. Based on the brief description of these
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four creep mechanisms shown above, the diffusion creep (Nabarro-Herring creep and Coble creep),
which has strong temperature dependency is used to explain the influence of temperature on creep.

The temperature effect on creep-fatigue is attributed to elevated temperature leading to weaker
bonding between atoms at the grain boundary. This is due to better conditions for diffusion. Then this
causes the movements of vacancies [37–39]. This transfer finally results in the overall deformation of
the material. Specifically, a vacancy is defined as a point defect in a crystal, where an atom is missing
from its original lattice site. During this process, an atom needs to overcome the energy barrier to move
from its current site to the nearby vacant site. By this means, the high temperature can provide atoms
with enough energy to break their bonds with neighboring atoms, and then lead to the location transfer
(motion) of atoms [40]. This process can be identified as a thermodynamic system with a strong driving
force of temperature for diffusion [36]. In addition, diffusion basically is a net movement of atoms
from high concentration region to a low concentration region. This reflects the initial driving force for
the transfer of atoms. During this process, temperature is an important factor to determine the rate
of diffusion, wherein the elevated temperature speeds up the random atom motion, which gives the
atom access to a greater physical volume of space, and the new atomic configuration opportunities
are provided.

Consequently, the increasing temperature accelerates the process of diffusion (more creep damage
occurs), and then reduces the fatigue capacity for the creep-fatigue condition.

3.2. Frequency/Cyclic Time Dependence

Normally, cyclic time does not have significant influence on pure fatigue and at the same order
of frequency magnitudes [33]. In our research, the frequency/cyclic time is limited to a range typical
for general engineering situations. Thus, the influence of frequency/cyclic time on pure-fatigue life is
ignored, and the discussion of frequency/cyclic time effect is based on the creep behavior.

Creep is normally defined as a time-dependent deformation under a constant loading,
which indicates that creep damage is intensified with increasing time. The general influence of
frequency/cyclic time on fatigue capacity could be explained through the transient-creep-plus-elastic
model shown in Figure 2 [32], where σ is the applied stress. In this model, a high frequency load
(which is related to elastic strain rate) primarily causes deformation of spring S2. This is because of
the dynamic resistance effect of dashpot (η1(MPa)). Hence the slope of stress-strain curve is S2 (N/m).
However, low frequency loads (events over longer time) cause the deformation of both springs S1 and
S2, and the dashpot is relatively inconsequential. In this case, the strain (ε (m/m)) may be expressed as:

ε =
σ

S1
+

σ − η1

S2
(8)

Equation (8) shows that the slope (Se (N/m)) of stress-strain curve is S1S2/(S1 + S2), which is
smaller than S2. This implies that large time can reduce stiffness, then increase strain and lead to more
creep damage.

Figure 2. The transient-creep-plus-elastic model. Image adapted from Ref. [32].
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Consequently, low frequency (large cyclic time) gives more accumulation of creep under a given
temperature and loading. In other words, the longer time leads to more diffusion in microstructure
when a material is exposed to high temperature under constant applied loading, and then produces
more creep-fatigue damage.

3.3. Grain-Size Dependence

Grain size has significant influence on both fatigue damage and creep damage, but has contrary
effects on creep and fatigue. Generally, smaller grain size is more positive for pure-fatigue resistance,
while bigger grain size is more beneficial for pure-creep ductility [32]. This phenomenon results from
the different failure mechanisms shown by fatigue and creep.

Fatigue failure is caused by the progressive accumulation of plastic deformation under cyclic
loading. During fatigue process, cracks initiate at the early stage and then gradually propagate through
grain boundary with the increasing number of cycles. It is easy to understand that the propagation
of crack needs to penetrate the grain boundary to extend to the next grain, and this may also require
a reorientation of the crack growth direction [41,42]. This means that the more grains the crack
encounters the slower the progression of fatigue failure, and hence the greater loading (stress or strain)
is required to make crack achieve the critical length of failure. In other words, the materials with finer
grain size provide better performance of fatigue resistance.

As mentioned above, grain boundary is barrier for the propagation of crack under pure-fatigue
condition. However, the grain boundary becomes the source of creep damage at pure-creep
condition [36]. Since the stress concentration is intensive in the intersection point among three
adjacent grains, the crack growth along grain boundary is promoted in these triple points [43–45].
Consequently the triple point provides an opportunity for further crack propagation under creep.
Also relevant to note is that the triple point also contains crystalline defects, where multiple directional
opportunities for crack propagation along the grain boundaries are provided. In this way, the finer the
grain size, the greater the internal area of grain boundaries and volumetric density of triple points,
hence enhanced opportunity for crack propagation under creep. In addition, the influence of grain size
on creep also could be explained by the physical mechanism of diffusion creep. Specifically, the atomic
diffusion causes the elongation of the grain along the stress axis, which implies finer grain size results
in more significant deformation than coarse grain size under a given stress within a same area.

The discussion above shows that the influences of grain size on fatigue and creep are contrary,
and thus combined effect between fatigue and creep should be determined by the proportion of
fatigue contribution and creep contribution. The research conducted by Hatanaka and Yamada [46],
Hattori et al. [47] and Pieraggi and Uginet [48] show that fatigue capacity reduces with increased grain
size. This implies that the fatigue effect makes more contribution to creep-fatigue damage than creep
effect under the zero-hold-time cyclic loading and relatively short cyclic time. This may be because the
total failure time is too short to produce major creep damage in the low-cycle regime. We could image
that, for the situation of cyclic loading with hold time or relatively long cyclic time, the contribution of
creep effect would increase. Finally, if the creep effect becomes more significant than fatigue effect,
the bigger grain size would have more benefits for creep-fatigue behavior [49].

4. Consistency between the Unified Formulation and Physical Phenomena

Section 3 shows that temperature, time and grain size have significant influences on creep and
fatigue behaviors, thus the relationships between them can be ideally derived from the microstructural
level. These relationships are well included in the unified equation, wherein the main relationships
between different variables show a high consistency with physical mechanisms of fatigue and creep.
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4.1. Linear Relationship between Temperature and Strain

The unified creep-fatigue equation can be reorganized to the form:

εp = C0N−β0 −
[
c1(σ)

(
T − Tre f

)
+ c2 log

(
tc/tre f

)]
·
[

A
(

d/dre f

)m]
C0N−β0 (9)

The first term in Equation (9) shows full fatigue capacity, and the second term reflects the
strain caused by creep effect. Significantly, a linear relationship is presented between temperature
and creep-related strain (also applied plastic strain εp), which is consistent with underlying creep
mechanism. According to description of four different creep mechanisms (Nabarro-Herring creep,
Coble creep, grain boundary sliding and dislocation creep) in Section 3.1, in the present work,
diffusion creep (including Nabarro-Herring creep and Coble creep) is regarded as the main creep
mechanism for creep fatigue since it has strong temperature dependency. Therefore, the discussion
of temperature-strain relation is built on the mechanism of diffusion. As mentioned in Section 3.1,
the process of diffusion is identified as a thermodynamic system. In this case, a piece of crystal
containing n atoms is selected, wherein an atom inside is transferred to the surface due to diffusion
(Figure 3), and thus a vacancy is formed. Normally, the creep process can be described by Gibbs
free energy [50]. This parameter shows the thermodynamic potential to form this vacancy under the
situation with a given pressure and a given temperature, is presented by Equation (10).

ΔGf = ΔEf + PΔVf − TΔS f (10)

where ΔGf is the Gibbs free energy for formation of a vacancy, ΔEf is the change in internal energy
due to formation of a vacancy, ΔVf is the volume of a vacancy, ΔS f is the entropy for formation of
a vacancy, P is the pressure and T is the temperature. If nv vacancies are formed during the process of
diffusion, the total change in free energy is presented by Equation (11):

ΔG = nvΔGf − TΔSc (11)

where ΔG is the total change in free energy, and ΔSc is the configurational entropy (Equation (12))
which reflects W different ways of distribution of nv vacancies among the n sites.

ΔSc = k ln W (12)

where k is the Boltzmann’s constant. Then, the free energy shown by Equation (11) is reorganized as:

ΔG = nvΔGf − kT ln Cnv
n = nvΔGf − kT ln

[
n!

(n − nv)!nv!

]
(13)

 

Figure 3. A movement of an atom.
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By using Stirling’s equation:

ln(x!) = x ln x − x + O(ln x) (14)

Equation (13) can be simplified and approximated as Equation (15) through assuming n � nv:

ΔG ≈ nvΔGf − kTnv

(
1 + ln

n
nv

)
(15)

This equation shows that the total free energy has a vacancy-number dependency, and thus this
free energy varies during the process of transfer. Normally, the minimum value occurs at the two
ends of movements, where an equilibrium situation is achieved and is numerically presented through
letting ∂ΔG/∂nv = 0. Then, this operation gives the equilibrium atomic fraction of vacancies:

Nv =
nv

n
= exp

(
−ΔGf

kT

)
(16)

Normally, diffusion is always described by Fick’s law [3,37,39]:

J = −D
dϕ

dx
(17)

where J is the diffusion flux which shows the amount of substance flowing across a unit area, D is the
diffusion coefficient, x is the position, and ϕ reflects the concentration of vacancies and is defined as
the number of vacancies per unit volume (Equation (18)):

ϕ =
Nv

Ω
(18)

where Ω is the atomic volume. Therefore, a proportional relation between diffusion flux and
temperature component can be presented:

J ∝ exp(−1/T) (19)

Since creep process indicates that diffusion finally leads to overall deformation, the strain caused
by creep effect is proportional to temperature dependency:

ε ∝ exp(−1/T) (20)

The expression of exp(1/T) can be simplified as a linear dependency when temperature is
relatively high enough and within the application range (normally the range of experimental
investigation), such as the temperature range from 650 K to 1000 K for the GP91 casting steel [30].

Therefore, we conclude that the underlying physical phenomenon is that diffusion of atoms is
based on considerations of free energy and formation of vacancies. The literature shows that this
mechanism is represented by an exponential dependency of the form ε ∝ exp(−1/T). We propose
that the underlying physical explanation is that the ability of an atom to diffuse is based on the
volume of space containing vacancies that it can recruit (hence an exp relationship), and on the rate
at which vacancies form within that space. The latter requires activation energy, hence is dependent
on temperature to achieve the necessary mobility at the atomic level. The formation of vacancies is
therefore retarded at low temperatures, becomes active at intermediate temperatures, and is saturated
at sufficient high temperature (all available vacancies have been formed), hence the exp(−1/T) form
of the relationship. At sufficiently high temperature the saturation causes this to simplify to a linear
relation. This relation is also consistent with the empirical data on the materials of 63Sn37Pb solder [21]
and GP91 casting steel [30]. The data on these two materials at the life of 5000 cycles are tabulated
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in Table 1. Then, the linear relationship between temperature and strain is presented in Figure 4.
Results show good quality of linear fitting, with R2 = 0.9932 for 63Sn37Pb solder and 0.9946 for GP91
casting steel.

Table 1. Data of temperature-strain relation for 63Sn37Pb [21] and GP91 casting steel [30].

Materials Temperature (K) Strain Cyclic Time (s) Life (Cycles)

63Sn37Pb

233 0.00412

1 5000
298 0.00364

248 0.00332

398 0.00307

GP91 Casting Steel

673 0.00317

20 5000823 0.00199

873 0.00174

(a) (b)

Figure 4. Curve fitting of temperature vs. strain for experimental data: (a) 63Sn37Pb; (b) GP91 casting
steel. Raw data from [21,30] respectively.

Therefore, the creep-related strain is linearly proportional to temperature, and the overall
fatigue capacity is reduced by a thermal effect, hence giving rise to the c1(σ)

(
T − Tre f

)
term in

the unified formulation.

4.2. Logarithmical Relation between Temperature and Cyclic Time

A logarithmical relation between temperature and cyclic time is presented by the unified
creep-fatigue equation, which is consistent with creep mechanism. As shown in Section 4.1,
the diffusion behavior gives the logarithmical relationship between temperature and diffusion flux
(Equation (19)). The definition of “diffusion flux” indicates that this term measures the amount of
substance flowing through a cross sectional area during a unit time. In this context, it is a measure of
the strain rate, at the microstructural level. Thus, a time dependency is included into this parameter in
the form of a rate function. Then, Equation (19) can be presented as:

J =
dDv

dt
→ .

ε ∝ exp(−1/T) (21)

where Dv reflects the amount of substance following through a unit area. Significantly, Equation (21)
gives a logarithmical relation between temperature and cyclic time (unite time), and this is consistent
with the relationship shown in the unified creep-fatigue equation.

Theoretically, the temperature and cyclic time effects both decrease the fatigue capacity. In this case,
we propose that to a first approximation they are independent of each other rather than convoluted
with each other, hence the overall effect is additive. However, this statement is only reasonable
when the creep damage is not specified. If creep is included then temperature can be related to
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time under one specific damage to show an inversely proportional relation. For example, for one
specific creep damage, the effect caused by increasing temperature could be compensated through
decreasing cyclic time. Consequently, considering these two situations, the numerical representation
of creep effect is given as the sum of the temperature and cyclic time effects, hence of the form:[

c1(σ)
(

T − Tre f

)
+ c2 log

(
tc/tre f

)]
.

The logarithmical relation for cyclic time is also represented by the conventional time-temperature
parameter, wherein the time dependence is addressed as rupture time. This is based on the integrated
characteristic shown by the unified creep-fatigue model. Specifically, the integrated characteristic
shows that the unified creep-fatigue equation can be reorganized to the Manson-Haferd parameter at
the pure-creep condition, where a logarithmical temperature-time relation is accommodated. Although
this time-temperature parameter was entirely derived from empirical data (no physical basis) [32], it has
been successfully validated on different materials, and thus is believed to have ability to describe creep
behaviors. In addition, the pure-creep condition could be regarded as the idealization of a creep-fatigue
situation with extremely prolonged cyclic time. In this case, it is reasonable for the unified formulation
to present creep mechanism in a logarithmical relation between temperature and cyclic time.

In the specific case of cyclic creep, the load fluctuates between tension and compression. The cyclic
time is a measure of the duration of time to which the material is exposed to the diffusion flow under tension
and compression. Under tensile loading, we propose that the flow is, in practice, limited by dislocation
pinning, grain boundaries, and other flow-limiting effects at the microstructural level. This causes the rate
of diffusion to be reduced over longer periods, hence the total plastic strain due to this component has the
form c2 log

(
tc/tre f

)
. This logarithmical relation between plastic strain and cyclic time is also consistent

with empirical data on the materials of 63Sn37Pb solder [21] and stainless steel 316 [51]. The creep-fatigue
data for the materials at the life of 5000 cycles are tabulated in Table 2, and the curve-fitting results are
then presented by Figure 5. The result illustrates a good linear fit between strain and log of cyclic time,
which implies a logarithmical relation between cyclic time and plastic strain.

Table 2. Data of cyclic time/strain rate-strain relation for 63Sn37Pb [21] and SS316 [51].

Materials Cyclic Time (s) Strain Temperature (K) Life (Cycles)

63Sn37Pb

10 0.00344

298 5000100 0.00298

1000 0.00243

Materials Strain Rate (%/min) Strain Temperature (K) Life (Cycles)

Stainless Steel 316

0.4 0.00218

973 50004 0.00253

40 0.00309

(a) (b)

Figure 5. Curve fitting of log of cyclic time vs. strain for experimental data: (a) 63Sn37Pb; (b) stainless
steel 316. Raw data from [21,51] respectively.
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When the cycle is reversed, and the load moves into the compression stage, the diffusion is not
undone (reversed). This is because changes have occurred at the microstructural level such that it is
not the same geometric system as before—the system is inelastic. Consequently, the compression part
of the cycle does not completely undo the inelastic strain of the previous stage (during a limited time
range imposed for general engineering case). Also, the compression is proposed to undo or at least
disturb the flow-limiting effects that arose in the tension stage. Hence the next tension cycle permits
further diffusion to occur. We therefore propose that the cyclic time reduces the fatigue capacity per
1 −

[
c2 log

(
tc/tre f

)]
. Although the cycle time provides a limited opportunity for the creep effect to

operate, it is still reasonable to assume that the amount of creep that occurs within one part of the cycle
follows the logarithmic time-temperature dependency.

Therefore, the diffusion-creep behavior is physically described by the amount of substance
(which is logarithmical with temperature) flowing through a specific area during a unit time, thus this
gives a logarithmical relation between temperature and time.

4.3. Power-Law Relation between Grain Size and Strain

The derivation of the unified creep-fatigue equation shows that the grain-size component is
imposed into creep-related component and is directly extracted from the general creep equation for
steady state [32], wherein a power-law relation between creep-related strain and grain size is presented
(Equation (9)). This relation appears to accurately represent creep behavior.

Generally, diffusion flux for creep behavior is numerically formulated by Fick’s equation
(Equation (17)). A microstructural-level-based discussion shown in Section 4.1 shows that diffusion
flux is not only related to the time, but also related to the unit area where substance following through
(Equation (22)):

J =
dDt

dA
∝ exp(−1/T) (22)

where Dt reflects the amount of substance following during a unit time and A is the area where
substance following through. This area can be obtained by the product of number of grains in unit
area and average area of grain, wherein the average area has a strong dependency on grain size.
Generally, the area of geometry can be numerically related with the key dimension in the form of
second power order. In the present work, a complex situation for creep-fatigue condition is presented,
wherein creep and fatigue are coupled, and this may cause the intensity of grain-size effect to deviate
from the power of two, but the power-law relation should remain. Consequently, based on the general
creep mechanism, it is logical that a power-law relation between grain size and strain is presented in
the unified formulation.

In addition, bigger grain size is always beneficial for pure creep. This grain-size effect on creep is
consistent with the presentation of the unified creep-fatigue equation. According to the validations [25]
on the materials of Inconel 718 and GP91 casting steel, the negative exponent to grain size shows the
benefit of big grain size on creep resistance.

We propose that the physical explanation for the grain-size dependency is that the diffusion creep
phenomenon involves effects at the (irregular) grain boundaries, and to a lesser extent movement
within the crystalline structure of the grain. However the latter mechanism becomes stalled once the
available dislocations have run their courses. Hence the steady creep loading purges the internal
structure of the grain of imperfections. Consequently the larger the grain, the lower the opportunity for
diffusion creep to occur. Thus, it is to be expected that plastic strain would be inversely related to grain

size, hence m is negative in
[

A
(

d/dre f

)m]
. For very small grains the effect becomes disproportionately

worse, because a small change in grain size results in a large change in the number of grains in the
section. This means more grain boundaries and opportunity for creep. A similar change in size for
a large grain has a much smaller effect.

We note that m is approximately −0.5 for both materials considered (Inconel 718 and GP91 casting
steel). Since creep damage involves crack propagation along a grain boundary, the decreased grain
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size results in increased opportunity for crack growth within a given area. For example, one square
grain is identified to have four sides, hence four crack-growth potentials, then halving or quartering of
grain size gives two more or six more potential directions for crack growth respectively for the same
total area. Note that the size of one square grain is a reference condition, based on which the grain
is halved or quartered. In this case, the grain size of 1 is not specified as 1 μm, but should rather be
considered as a mathematical origin for the scaling effect, hence we refer to this as the pseudo grain
size. The relationship between pseudo grain size d’ and the number of crack-growth planes is shown
in Figure 6. This relationship may be formulated numerically as a power-law relation, with exponent
−0.68. In practical situations, the grain boundaries are not flat planes but are instead more irregular.
The effect of this is to (a) increase the planar area available, and (b) provide more opportunity for an
element of the boundary to be aligned with the preferred crack-growth direction. Hence practical
situations are expected to provide greater opportunity for crack growth as the grain size decreases.
The effect of this is to change the exponent closer to zero, e.g., if there were two additional planes at
each stage then the exponent becomes −0.523.

Figure 6. Relationship between pseudo grain size and the number of potential crack-growth planes.

We therefore propose that there are natural reasons for the exponent in the formulation[
A
(

d/dre f

)m]
to be of the order m = −0.681 or larger, and this is compatible with the empirically

determined values of m = −0.5411 for Inconel 718 and m = −0.4053 for GP91 casting steel.

4.4. Power-Law Relation between Life and Strain

The derivation of the unified creep-fatigue equation shows an extension of the Coffin-Manson
equation. Therefore, the power-law relation shown in the Coffin-Manson equation is accommodated
in the unified formulation. It is acceptable that the power-law relation between reversed loading and
number of cycles could well present the process of damage accumulation in fatigue perspective.

In the present work, fracture mechanics is presented as an opening model showing direct apart
between two crack surfaces, per [52]. Therefore, the stress intensity factor (K) is shown by Equation (23):

K = σ
√

πa/2 (23)

where σ is the applied stress and a is the crack length. Crack-growth process shows that plastic
deformation occurs around the crack tip due to high stress concentration, where a circular plastic
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zone ahead of the crack tip is formed (Figure 7). According to the definition of the stress intensity and
Equation (23), the stress distribution (σij) near the crack tip is:

σij = σ

√
a
2r

f (θ) =
K

2πr
f (θ) (24)

where r and θ are polar coordinates. This equation shows that when r tends towards zero, the stress
around the crack tip becomes singular. This implies the existence of a plastic zone, with yield stress
(σy) presented at the boundary of this zone. Then, through letting σij = σy and f (θ) = 1, Equation (25)
gives the size of plastic zone [52]:

ry =
1

2π

(
K
σy

)2
(25)

where ry is the radius of the plastic zone.

 

Figure 7. Plastic zone around crack tip.

At the situation with cyclic loading, the stress intensify factor in Equation (25) varies with
the change of loading, and then results in expansion or shrinkage of the plastic zone. In this case,
the effective stress intensify factor (Ke f f or ΔK) is introduced and is given as:

Ke f f = Kmax − Kmin = ΔK (26)

where ΔK is the difference between maximum (Kmax) and minimum (Kmin) stress intensify factors for
one cycle. Then, an equivalent radius of the plastic zone (ry) can be given by Equation (27):

ry =
1

2π

(
ΔK
σy

)n
(27)

This equation shows that the second power order in Equation (25) is reasonably replaced by
a general exponent (n) due to the equivalent transformation, which is consistent with FEA result shown
by You [53]. Since larger plastic zone gives more crack growth [52], the crack growth in one cycle can
be related with ΔK in a power-law relation. This relation (Equation (28)) was initially presented by
Paris [3] and then demonstrated amounts of empirical data [54,55].

da
dN

= C(ΔK)m (28)

where da
dN gives the increased crack length in one cycle, and C and m are constants. According to

Equation (23), effective stress intensify factor also can be expressed as:

ΔK = XΔσ
√

πa (29)
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where X is a constant and Δσ is the stress range. Then, introducing Equation (29) into Equation (28) gives:

da
dN

= C
(
XΔσ

√
πa

)m (30)

Applying the integral operation for life gives [56]:

Nf =
2
(

ac
2−m

2 − ai
2−m

2

)
(2 − m)C

(
XΔσ

√
πa

)m (31)

where ac is the critical crack length at which fracture occurs and ai is the initial crack length at which
crack starts to grow under a given stress range. Significantly, this equation shows a typical power-law
relation between fatigue life and applied stress range (applied loading), and thus it is also reasonable
to relate plastic strain with fatigue life in a power-law relation.

Therefore, the existence and size of the plastic zone at crack tip are the physical basis for the
power-law relation for crack growth. It is reasonable to assume that fatigue damage is accumulated at
each cycle by the same form. This results in a power-law relation between applied loading and life,
hence explaining the form N−β0 .

4.5. Numerical Presentation of Creep Effect on Fatigue Capacity

The development of the strain-based unified creep-fatigue equation is based on the concept of
“fatigue capacity” [26,27]. Briefly, this concept physically indicates that the full fatigue capacity is
gradually consumed by the creep effect, and this process is numerically presented by the form of (1 − x).
This form is accommodated in the unified creep-fatigue formulation (Equation (1)).

Equation (9) shown in Section 3.1 indicates that the first term reflects the full fatigue capacity wherein
the fatigue behavior under the pure-fatigue condition is presented by the Coffin-Manson equation.
In addition, the second term of Equation (9) describes the creep-related effect, where temperature, cyclic
time and grain size dependencies are included. This term takes a Coffin-Manson-type formulation,
and shows the creep-related damage is accumulated at cyclic loading. The combination of these two
terms is numerically presented as the form of “1 − x” (Equations (1)) and shows the gradual consumption
of full fatigue capacity due to creep effect where the residual fatigue capacity is given.

In addition, the reference condition is introduced to show the threshold between pure fatigue and
creep fatigue, and creep effect is dormant below the reference condition. At the reference condition,
the full fatigue capacity is presented (the second term of Equation (9) equals to zero) in the form of the
Coffin-Manson equation. Therefore, the introduction of the reference condition builds a bridge between
pure fatigue and creep fatigue. The ability to describe the pure-fatigue condition is proved on the
material of GP91 casting steel, where the ratios of predicted fatigue life (obtained by the degenerated
form of the unified model) to experimental result (extracted from [30]) fall within the upper bound
(+25%) and the lower bound (−25%) (Figure 8). This implies that the unified formulation provides
a good quality prediction of fatigue-life under the pure-fatigue condition, specifically a relatively high
correlation between predicted and experimental fatigue life.

Consequently, the negative effect of creep on fatigue capacity is numerically formulated as the
form of (1 − x), and the introduction of the reference condition shows the threshold for the activation
of creep effect.
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Figure 8. The ratio of predicted fatigue life to experimental result under the pure-fatigue condition, per
the unified model, for GP91 casting steel. Raw data from [30].

5. Discussion

5.1. Summary

In summary, we propose the following fundamental mechanisms are at work to determine the
creep-fatigue behavior of a material; see Figure 9. In this way we propose that the main structural
features of the unified creep-fatigue equation are grounded in deeper physical phenomena.
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Figure 9. Main relationships and fundamental mechanisms in the unified formulation.

5.2. Limitations and Future Work

The discussion shown above indicates that the relationships between different variables in the
unified creep-fatigue formulation are consistent with underlying physical mechanisms, thus this
creep-fatigue model has the ability to describe creep-fatigue behavior numerically and also in terms
of physical meaning. Although the relationships between different parameters were derived from
underlying physical phenomena, the numerical values of the coefficients still cannot be predicted
with precision. In this case, the coefficients need to be extracted through performing creep-fatigue
experiments. This is a limitation for this unified formulation, which implies that the coefficients cannot
be predicted without any empirical data of fatigue. This model has an opportunity to be further
modified/improved to reduce the dependence on fatigue tests, by exploring for more convenient and
economical data collection methods.

Generally, reducing the dependence on fatigue test could be conducted through introducing
the material-property-related parameters, such as yield strength, into the coefficients. By this means,
the coefficients could be directly evaluated through the material properties, and the fatigue test would
be eliminated. This work was initially attempted by Manson [57], who proposed a universal slope
formulation for the strain-life relation through introducing the parameter of ductility. This provides
a possible method to improve this limitation. In addition, this limitation also could be improved
by deeper investigation into physical phenomena of fatigue and creep. For example, the grain-size
related coefficients may be related to crystal structure, and the creep-related coefficients may be
physically represented through quantitatively investigating the influences of temperature and time on
creep-fatigue damage presented by the behaviors of diffusion or thermodynamics.

It is notable that although the new creep-fatigue model is not completely free of the need for
empirical data, the method of derivation makes this model fundamentally superior to other existing
creep-fatigue models (mentioned in Section 1) because of the good balance between accuracy and
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economy. The accuracy of fatigue-life prediction has been proved on multiple materials in previous
research [25–27]. The good economy of the current model means fewer creep-fatigue data are required
to determine the coefficients.

6. Conclusions

Creep-fatigue behavior is normally influenced by temperature, cyclic time and grain size.
Generally, the fatigue capacity is gradually consumed by elevated temperature and prolonged cyclic
time, and smaller grain size results in better fatigue capacity, but leads to worse creep resistance.
These relevant variables are well accommodated in the unified creep-fatigue equation, and the
relationships between them are con with underlying physical mechanisms of fatigue and creep.
Specifically, the creep-related relationships, including linear relation between temperature and strain,
logarithmic relation between temperature and cyclic time and power-low relation between grain size
and strain, are extracted from diffusion-creep phenomenon. In addition, crack-growth behavior gives
a power-law relationship between life and strain. Finally, based on the concept of fatigue capacity,
these physical-mechanism-based relationships are numerically constructed in the form of “1 − x”,
and the reference condition is introduced to present the threshold of creep effect.

The original contribution of this work is that the unified creep-fatigue equation is linked to
physical phenomena at a microstructural level. Specifically, the influences of different variables
(including temperature, cyclic time and grain size) on creep-fatigue behavior were explored, and the
numerical relationships shown in this equation were investigated and explained through proposed
deeper physical mechanisms of fatigue and creep. A particular contribution is the proposition of
a physical explanation of the grain-size exponent (m) via consideration of crack-growth planes.

Author Contributions: The work was conducted by D.L. and supervised by D.J.P. The investigation of
physical-mechanism-based relationships from a microstructural level was conducted by D.L. The explanation
of how relevant variables influence creep fatigue was conducted by D.L. and D.J.P. All authors contributed to
writing the paper.
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