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Influence of Degradation Product Thickness on the Elastic Stiffness of Porous Absorbable 
Scaffolds Made from an Bioabsorbable Zn–Mg Alloy
Reprinted from: Materials 2021, 14, 6027, doi:10.3390/ma14206027 . . . . . . . . . . . . . . . . . . 195

Lucien Reclaru and Lavinia Cosmina Ardelean

Corrosion Susceptibility and Allergy Potential of Austenitic Stainless Steels
Reprinted from: Materials 2020, 13, 4187, doi:10.3390/ma13184187 . . . . . . . . . . . . . . . . . . 209

Sang-won Cho, Sang-Jin Ko, Jin-Seok Yoo, Yun-Ha Yoo, Yon-Kyun Song and Jung-Gu Kim

Effect of Cr on Aqueous and Atmospheric Corrosion of Automotive Carbon Steel
Reprinted from: Materials 2021, 14, 2444, doi:10.3390/ma14092444 . . . . . . . . . . . . . . . . . . 233

Gaetano Palumbo, Dawid Dunikowski, Roma Wirecka, Tomasz Mazur, 
Urszula Lelek-Borkowska, Kinga Wawer and Jacek Banaś
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Preface to ”Microstructure and Corrosion Behavior of

Advanced Alloys”

In many industrial applications, metallic materials are exposed to harsh operating conditions.

Due to a combination of chemical and thermal stresses, the constructional and functional materials

are degraded and their utility properties are lost. These undesirable events are of a physicochemical

nature and are commonly known as ‘corrosion’. Several internal and external factors influence the

corrosion behavior of materials. Internal factors include the chemical composition, microstructure,

and phase constitution of the materials. External factors that can significantly contribute to an increase

in corrosion resistance include surface treatments and the use of various protective coatings. In this

Special Issue Book, 3 reviews and 18 original research papers focused on the complex relationships

between the microstructure, phase constitution, and corrosion behavior of metallic materials are

collected. Both high temperature and low temperature corrosion studies are included as they

investigate the physicochemical processes at the material interfaces. Furthermore, possibilities for

increasing the corrosion resistance of metallic materials are studied by means of surface modification

and application of protective layers. This Special Issue Book, Microstructure and Corrosion Behavior

of Advanced Alloys, displays the diversity and complexity of modern corrosion research. It is hoped

that it will become a valuable source of reference for corrosion scientists.

I am thankful to Ms. Hellen Hu from MDPI for providing valuable support during Special

Issue editing.

This work was supported by the Slovak Research and Development Agency under the Contract

no. APVV-20-0124.

Marián Palcut

Editor
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Abstract: Welded structures made of duplex steels are used in building applications due to their
resistance to local corrosion attack initiated by chlorides. In this paper, the material and technological
factors determining the corrosion resistance are discussed in detail. Furthermore, recommendations
are formulated that allow, in the opinion of the authors, to obtain a maximum corrosion resistance
for welded joints. The practical aspects of corrosion resistance testing are also discussed, based on
the results of qualification tests. This work is of a review character. The conclusions and practical
recommendations are intended for contractors and investors of various types of structures made of
the duplex steel. The recommendations concern the selection and use of duplex steels, including the
issues of metallurgy, welding techniques, and corrosion protection.

Keywords: duplex steels; welded joints; corrosion resistance; corrosion tests; chloride environment

1. Introduction

Modern two-phase ferrite-austenitic duplex stainless steels demonstrate an excellent
combination of high strength and relatively high corrosion resistance [1]. Due to their
fair ductility, the risk of catastrophic brittle fracture initiation is considerably limited [2].
Nowadays, the particular impulse amplifying the development of new types of duplex
stainless steel is driven by increasing demand for crude oil mining from under the seabed.
It translates into the need for the design of specific corrosion-resistant oil transmission
installations both at offshore platforms and oil tankers. The newest, fourth generation
of duplex steels has been designed recently for this purpose [3]. These materials design
actions were taken to balance their microstructure and to equalize the ferrite and austenite
corrosion resistance.

The corrosion resistance testing of duplex steels has become the subject of many
research programs. Various research computational methods were used and led to the
exploration of possible applications [4–16]. However, the knowledge, despite its extensive
discussion in the scientific community, has not always been effectively translated into
practical recommendations for investors and designers. The authors of this article have re-
peatedly encountered a lack of understanding of basic issues related to the application and
technology of duplex steels, which are currently also one of the most expensive products
of the metallurgical industry. Therefore, we saw the need to present in a comprehensive,
though simplified manner, a practical guide for the rational use of individual duplex steel
grades. We hope that this paper will allow designers to optimally use the basic advantages
of duplex steels.

The authors’ observations on the progress of pitting corrosion in duplex steels are
presented in this work. The tests were performed as part of the Welding Procedure
Qualification Record (WPQR) certificate [17]. The testing procedure was in accordance
with the guidelines of ASTM G48-11 (method A) [18] with simultaneous consideration of
the acceptance criteria of the NORSOK M601: 2008 [19] and ASTM A923-03 [20] standards.

Materials 2021, 14, 5666. https://doi.org/10.3390/ma14195666 https://www.mdpi.com/journal/materials
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2. General Characteristics of Duplex Steel

Duplex steels can be divided into five basic categories, depending on the percentage
of alloying elements (Cr, Mo, Ni, Mn, Cu, and N—Figure 1). These groups are as follows:

1. Lean Duplex Stainless Steel (LDSS);
2. Standard Duplex Stainless Steel with 22% Cr (DSS 22% Cr);
3. High Alloyed Standard Duplex Stainless Steel with 25% Cr (DSS 25% Cr);
4. Super Duplex Stainless Steel (SDSS);
5. Hyper Duplex Stainless Steel (HDSS).

Figure 1. Chemical compositions and Pitting Resistance Equivalent Numbers (PREN) for various
categories of duplex steels—according to [21].

A typical microstructure of properly balanced duplex stainless steel is given in Figure 2.
It includes ferritice (dark) and austeniteic grains (light). The chemical composition of duplex
stainless steel is limited by thermodynamic stability of austenite and ferrite and also by
nitrogen solubility limit. Stability areas of duplex steel with respect to combined Cr + Mo
mass fraction are given in Figure 3. Below 20% Cr + Mo, there is a risk of martensitic
transformation of austenite. At above 35% Cr + Mo a δ-ferrite instability and formation of
harmful secondary phases may occur. Moreover, a variation of nitrogen content in HDSS
may influence the phase stability. Such difficulties are, in general, caused by high nitrogen
vapor pressure.

 

Figure 2. A properly balanced duplex steel microstructure containing approximately 50% of each
δ-ferrite (dark areas) and γ-austenite (light areas)—according to [21].
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Figure 3. Stability areas of conventional duplex steels—according to [21].

Balanced duplex stainless steels are theoretically located at a 50% ferrite content line
in Schaeffler–DeLong diagrams (Figure 4). However, in practice in properly balanced steel
microstructure, the ferrite—austenite proportions range are wider, i.e., ferrite

austenite ≈ 50%−10%

50%+10% .

 
Figure 4. Location of individual categories of duplex steels in the Schaeffler–DeLong diagram—
according to [21].

The appropriate use of duplex steel demands the welding engineers perform thought-
ful actions based on well-established engineering knowledge and experience. A commonly
applied routine-based approach to welding admittedly leads to obtaining the expected
mechanical properties of welding joints. Nevertheless, it does not guarantee the concurrent
obtaining of required corrosion resistance for the joints. It is known that the corrosion
resistance of joints in the chloride environment impact zone reaches only 50–80% of the
parent material corrosion resistance [22].

3. PREN Chloride Corrosion Resistance Index

In the right of Figure 1, the values of Pitting Resistance Equivalent Number (PREN)
have been given for each group of duplex steels. This index is used to evaluate the pitting
corrosion resistance of the steels in a chloride environment. The PREN indicator refers to
the thermodynamically stable steels, i.e., the steels after their final heat treatment [23]. In
the case of duplex steels, the following formula given by Herbsleb is used to calculate the
value [24]:

PREN = Cr + 3.3Mo + 16N (1)

In this equation Cr, Mo, and N are weight percentages of the corresponding elements.
For SDSS and HDSS, which contain W or Cu, different formulae may be used [24]. These
are as follows:

• Okamoto formula:

3
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PRENW = Cr + 3.3(Mo + 0.5W) + 16N (2)

• Heimgartner formula:

PRENCu = Cr + 3.3Mo + 15N + 2Cu (3)

• Extended formula:

PRENEXT = Cr + 3.3(Mo + 0.5W) + 2Cu + 16N (4)

In these formulae, the content of a particular alloying element is given in its mass
percentage (%wt.).

The PREN values range from 26 (for LDSS steels with average pitting corrosion
resistance) up to above 45 (for HDSS steels with high corrosion resistance). In both cases,
the resistance is significantly higher when compared to conventional steel grades. However,
the values of PREN should be treated as comparative data. The final selection of steel
for a given application should be based on tests carried out in a given corrosive medium.
The usefulness of the PREN indicator for estimating the analogous resistance of welding
consumables is limited due to different welding techniques that can be used and hence
the different levels of nitrogen introduction into the welded melt metal. The terms “high
corrosion resistance” and “average corrosion resistance” should be therefore interpreted as
relative measures.

4. Alloying Elements Influence on Duplex Steels Corrosion Resistance

Duplex steels usually crystallize from a liquid in the form of δ-ferrite. During alloy
cooling, the lattice structure stresses increase because of Fe replacement by elements with
larger radii, e.g., Ni.

In the areas with a higher concentration of austenite-forming elements, the A2-type
ferrite lattice structure is transformed to an A1-type lattice (with 25% larger lattice pa-
rameter) at δ-solvus temperature (Figure 5a). This phenomenon is accompanied by a
decrease in tension and a simultaneous decrease in inter-granular borders energy. This
is an enhancing factor for δ → δ + γ transition. Due to the presence of alloying elements,
there is an increase in Cr, Si, Mo, W, P concentration in A2-type ferrite lattice and Ni, N, Cu,
Mn, C in A1-type austenite lattice. The transition appears to be diffusion-limited [25]. As
a consequence, the newly formed austenite assumes a lamellar (island) structure. Out of
homogeneous δ-ferrite, a two-phase structure δ + γ is formed, with its components varying
from one another in terms of corrosion resistance. Chrome and molybdenum (ferrite form-
ers) strongly increase the electrochemical potential. Consequently, the corrosion resistance
is concentrated in ferrite. In austenite, only an interstitial solution of nitrogen significantly
can increase the electrochemical potential of steel (Table 1; Figure 5b–d).

4
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Figure 5. Metallurgical transformations in duplex steels: (a) phase equilibrium diagram and austenitic transformation δ

→ δ + γ (according to [27]), (b) distribution coefficient of alloy additions Kδ/γ as a function of temperature (according
to [28]), (c) typical values of the partition coefficient of alloying elements Kδ/γ for supersaturated and water-cooled steels
(according to [28]), (d) influence of alloying elements on the size of electrochemical austenite potential in stainless steels
18/8 (according to [29]).
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Table 1. Maximum solubility of alloy additives in ferrite and austenite (according to [26]).

Alloy Additive
Solubility (%wt.)

Crystal Lattice
Ferrite Austenite

W 35 4.7 A2
Mo 31 1.7 A2
Mn 3.5 100 A1
Cr 100 12.5 A2
Cu 2.1 12 A1
Ni 6 100 A1
Si 11 1.7 A4
C 0.03 2.1 -
N 0.1 2.8 -

The influence of typical alloying elements on duplex steel corrosion resistance is
presented in Table 2. In general, Mn and Ni reduce the corrosion resistance. However,
these elements are required due to the strengthening effect of Mn and the need for Ni to
initiate a ferrite decomposition and form a two-phase structure.

The process of δ-ferrite decomposition and formation of the δ + γ two-phase structure
takes place at temperatures of 800–1200 ◦C. Due to its diffusive nature, the kinetics of the
transformation depends on the cooling rate (Figure 6). A slow cooling causes a formation
of γ-austenite in the amount close to thermodynamic equilibrium. The distribution of
alloying elements between the matrix components is also close to equilibrium in this
situation. The rapid cooling, on the other hand, creates a metastable structure with a
lower austenite content. It increases the risk of harmful secondary phases precipitation
from ferrite supersaturated with alloying additives. The formation of harmful precipitates
only within ferrite is a consequence of several dozen times higher diffusion coefficients
and many times lower solubility of interstitial elements (C, N) in ferrite compared to
austenite [25].

 
Figure 6. Influence of cooling rate on the content of δ-ferrite in duplex steels (according to [30]).
Left-hand frame: fast cooling, high δ-ferrite content; right-hand frame: slow cooling, high content of
γ-austenite precipitates.

To obtain a higher amount of γ-austenite in the final steel microstructure, it is desirable
to cool it slowly in the temperature range of the two-phase structure. It can be ensured
by a sufficiently high linear energy of welding. At a temperature below 1050 ◦C, the
situation is reversed, and a higher cooling rate is necessary to counterbalance the high
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tendency to secondary phase precipitations so that the cooling line does not cross the upper
Time-Temperature-Transformation (TTT) curve (Figure 7).

 
Figure 7. Schematic diagram of TTT (Time-Temperature-Transformation) specified for the typical
duplex steels (according to [31]).

Table 2. Influence of various alloy additions and steel microstructure on duplex steel pitting and slotted corrosion resistance
(according to [32,33]).

Alloying Element Effect Cause Formal Limitations

C Negative
A surplus of C causes secretion of chromium
carbides with associated chromium-depleted

zones
Up to approximately 0.03% of the content

Si Positive Stabilizes the passive top layer
Up to approximately 2% due to the negative

influence of Si on the stability of the structure
and on the Nitrogen solubility

Mn Negative Mn-rich sulfides can initiate pitting. Mn can
also destabilize the passive surface layer

The content of over 2% of Mn increases the risk
of precipitation of harmful intermetallic phases

S Negative Sulfides are a strong initiator of pitting
corrosion

High resistance to pitting corrosion is only
possible with a content of less than 0.003% S

Cr Positive Stabilizes the passive top layer
25% to 28% maximum depending on the Mo

content. Higher Cr content increases the risk of
precipitation of harmful intermetallic phases

Ni Negative Increased Ni content lowers the PREN index
of austenite

The Ni content is limited to the amount
necessary to form about 50% of austenite

Mo Positive Stabilizes the passive top layer and its
subsurface metal substrate

About 4–5% Mo depending on the Cr content.
Mo increases the risk of precipitation of

harmful intermetallic phases

N Positive Significantly increases the PREN index of
austenite

About 0.15% in LDSS steels. About 0.3% in
SDSS steels and slightly over 0.4% in 25% Cr

alloys, with high Mo and Mn content

W Positive It probably works in the same way as Mo Increases the tendency to release harmful
intermetallic phases

Cu Uncertain Marginal effect Maximum content up to approximately 2.5%

7
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5. The TTT Diagram, CPT Temperature, and the Ferrite Number Determined for
Duplex Steels

In high-alloy duplex steels of older generations (SDSS and HDSS), the precipitation
start time is short [34]. Exceeding the activation energy of the secondary phase precipita-
tions, expressed by the intersection of the cooling line with the TTT curve increases the
sensitivity to accumulation of heat exposure effects resulting from welding the steel. It is
because the energy of the precipitation reaction is always lower than the activation energy
of this process [35].

The formation of secondary phases in duplex steels, which are hard and brittle and
thus harmful, takes place in two temperature ranges (Figure 7). The upper curve, corre-
sponding to the range of 600–1050 ◦C, shows the precipitation of nitrides, carbides, and
intermetallic phases as a result of prolonged thermal exposure of steel due to insufficiently
rapid cooling. Thus, the welding with high linear energies facilitates the transformation
of δ to δ + γ, which is favorable but also increases the probability of the secondary phase
formation within the ferrite at insufficiently fast cooling. The consequence of this is the
need to strictly adhere to the recommended linear energies of welding and to control
the cooling process of the joint during welding. The lower TTT curve, corresponding to
the temperature of 300–550 ◦C, shows the remaining secondary changes in the steel mi-
crostructure. The most important is the change of δ-ferrite to acicular secondary α′-ferrite,
significantly reducing the ductility and toughness of steel. The lower limit of the occurrence
of the unfavorable α′-ferrite determines the highest temperature of the long-term thermal
exposure, which is about 300 ◦C.

The advancement of harmful changes in the microstructure, lower ductility, and
corrosion resistance depends on the total heat exposure time to both critical ranges on
the TTT curves (Figure 8a,b). The exposure of the lowest alloyed LDSS to temperatures
between 800–1000 ◦C may exceed 10 h without the release of harmful phases. However,
this time for the standard DSS 22% Cr steel is reduced to about 30–60 min, and for the
HDSS steel is even 5–10 min [36]. The presence of 0.5% secondary phases at the boundaries
of δ-ferrite causes a dramatic decrease in the breaking work (Figure 8a). The same volume
of the harmful and easily released Cr2N phase lowers the critical pitting temperature (CPT)
by up to 20 ◦C (Figure 8b).

 

Figure 8. Changes in the microstructure lowering ductility and corrosion resistance of duplex
steels, including (a) breaking energy KV as a function of intermetallic phase content in duplex steels
(according to [37]), (b) CPT (Critical Pitting Temperature) index as a function of the content of
intercrystalline Cr2N precipitates (according to [38]).
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Nitrogen in duplex steel increases the kinetics of austenite formation (Figure 9). With
increasing nitrogen content, the high-temperature equilibrium δ + γ area expands towards
lower Ni concentrations, and the temperature of austenite formation increases. It may
increase even to the temperature of liquids, which means crystallization of a small part
of austenite directly from the liquid metal. A significant increase in the transformation
rate δ → δ + γ occurs, which, with sufficiently rapid cooling, makes it possible to avoid
the effects of shifting the TTT curves on the time axis towards the origin of the coordinate
system. For this reason, nitrogen-rich steels can be cooled in the temperature range
of 800–1200 ◦C faster, without the fear of exceeding the final ferrite content above the
permissible level (70%). The addition of N2 to the forming and shielding gases in Tungsten
Inert Gas Arc Welding (TIG, 141) is of fundamental importance for obtaining a properly
balanced weld microstructure.

 

Figure 9. TTT diagram for DSS 25% Cr duplex steels with different alloyed nitrogen content (accord-
ing to [28]).

The balanced microstructure of duplex steel is obtained in a two-stage supersaturation
heat treatment. The first stage is homogenizing annealing. It is most effective at the
temperature of maximum nitrogen solubility in solid solution, which, depending on
the steel grade, is 1050–1150 ◦C (Figure 10a,b). At this temperature, harmful secondary
precipitates in δ-ferrite dissolve, and the released atomic nitrogen diffuses into austenite
since its solubility in the interstitial solution is many times greater (see Table 1). This
applies especially to thick-walled elements made of the SDSS and HDSS steels, where the
practical cooling rate in the critical temperature range is too low to avoid the precipitation
of secondary phases. The second stage is rapid cooling of the steel in water, limiting
the possibility of re-separation. As a result, the steel microstructure is balanced, i.e., the
proportion of both components equals ferrite

austenite ≈ 50%−10%

50%+10% and the resistance to pitting
corrosion and also the KV impact strength is increased.
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Figure 10. Heat treatment of duplex steel, including (a) solubility of Nitrogen in ferrite and austenite
(according to [38]), (b) heat treatment of the thin-walled and thick-walled duplex steel elements
(according to [23]).

The volumetric fraction of δ-ferrite in the structure can be verified experimentally
either by microscopic examination (image analysis) or by magnetic methods [4,5]. Values
of the ferrite number (FN) are converted into the volumetric fraction of δ-ferrite (%δ) based
on the following relationship [39]:

%δ = 0.7FN (5)

In this equation, %δ (%) is a volumetric fraction of δ-ferrite in the steel microstructure.
If it is not possible to perform the appropriate tests, the estimation of the volumetric fraction
of %δ-ferrite in duplex steel can be made using the data from the metallurgical certificates
in conjunction with the following relationships [36]:

%δ = 4.01Creq − 5.6Nieq + 0.016T − 20.93 (%wt.) (6)

Creq = Cr + 1.73Si + 0.88Mo (%wt.) (7)

Nieq = Ni + 24.55C + 21.75N + 0.4Cu (%wt.) (8)

In the equations, T is the homogenizing annealing temperature, and the remaining
factors are element weight fractions.

The area of the weld with the lowest resistance to pitting corrosion is the heat-affected
zone (HAZ). The HAZ is particularly endangered by the time of impact near the fusion
line of the temperature exceeding the δ-solvus level when the microstructure of duplex
steel is a single-phase and the free growth inhibitory factor δ of the ferrite grains is missing.
Lowering the temperature below the level of δ-solvus again, when the joint is cooling down,
activates the δ→ δ + γ reaction, which, as mentioned earlier, is a diffusion-controlled trans-
formation. The larger the original grain size, the longer it takes to reach thermodynamic
equilibrium. It is difficult to re-achieve a microstructure with a balanced proportion of
both matrix phases from the developed ferrite grains. The cumulative effect of the thermal
cycles of welding successive weld beads leads to an increase in the ferrite content in the
HAZ at the expense of austenite. Furthermore, it leads to an increased tendency to form
secondary phases from the ferrite and thus to lower both the ductility and resistance to
pitting corrosion. The increased content of austenite-forming Ni in the weld and the ab-
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sorption of strongly austenitic-forming N from the shielding gases intensify the kinetics
of the δ → δ + γ transformation, thereby preventing the reduction in austenite content in
the weld microstructure. Therefore, the selection of the parent material with the highest
possible austenite content, within the limits of the correct balance of the initial duplex steel
microstructure, is important for the subsequent resistance of the HAZ to pitting corrosion
and its KV impact strength.

6. Pitting Corrosion of Stainless Steels Initiated When Exposed to Chloride Impact

Steel pitting corrosion is an electrochemical process that takes place in halide-containing
electrolytes [40]. The corrosion of this type attacks the material locally and quickly perfo-
rates the metal, causing the loss of tightness. It is considered to be one of the most severe
forms of corrosion. It has the highest intensity in stationary solutions due to their uneven
saturation with depolarizers, i.e., oxygen or hydrogen ions, and the resulting formation
of the so-called concentration cells. The intensity of pitting corrosion increases with the
temperature of the electrolyte. Mixing the solution equalizes the depolarizers’ concentra-
tion at the metal surface, thereby slowing the progress of corrosion [41]. A permanent
polarization of the cell, i.e., blocking the anode or cathode reaction, may stop the progress
of pitting corrosion.

A simplified diagram of the steel pitting corrosion mechanism is shown in Figure 11.
At structural defects, such as ferrite/austenite interfaces, non-metallic inclusions (especially
sulfide), secondary phase precipitates (including carbides and nitrides), the passive layer
can be easily punctured by aggressive chloride anions. A local, short-circuited corrosion
micro-cell is created with a small anode area and a large cathode area. A consequence
of the disproportion of the anode surface to the cathode surface ratio is a high anodic
current density. Fe2+ ions dissolve into solution and are consequently captured by Cl−
anions to form iron chloride (FeCl2). Around the pit, a cathodic depolarization reaction
takes place (oxygen-type, hydrogen-type, or both), which maintains the operation of the
electrochemical cell by balancing the electric charge.

 

Figure 11. Pitting corrosion mechanism of duplex steel when exposed to chloride attack (according
to [21]).

The pitting corrosion is autocatalytic, self-accelerating the growth of pits due to low-
ering the pH of the corrosive solution inside the growing pit [40]. In the initial stage, the
pitting corrosion is of inter-crystalline character [42]. A balanced duplex steel microstruc-
ture, within the limits of ferrite

austenite ≈ 50%−10%

50%+10% reduces the tendency to harmful precipitations
of carbides and nitrides at the intergranular boundaries. This simultaneously reduces the
risk of developing inter-crystalline corrosion.
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7. Passive Layer and Corrosion Protection Mechanisms Identified as Being Specific to
Duplex Steels

The corrosion protection of Cr-Ni type stainless steels is based on a durable and tight
passive layer. The passive layer should be chemically inert to an aggressive environment.
The passive layer in the oxidizing environment forms itself spontaneously and reaches
a thickness of 2–4 nm [43]. It has an ability to self-rebuild (re-passivation ability). The
most important role is played by Cr, which forms a complex oxide (Fe, Cr)2O3 on the
steel surface. The minimum content of Cr in Cr-Ni type steels to form the passive layer
is 10.5%. The higher the Cr fraction in (Fe, Cr)2O3 is, the tighter and more corrosion
resistant the passive layer is. Mo and N are incorporated into the passive layer in a lesser
content. Molybdenum has a nobler electrode potential compared to Cr. It can form MoO2
and MoO(OH). Nitrogen may be present in the passive layer in the form of anions. As
such, it may inhibit surface adsorption of negative Cl− anions. A synergic activity of Mo
and N is observed. The synergic activity increases the duplex steel pitting resistance to
a greater extent than it would be expected from the cumulative content of both elements
separately [44].

The oxidation of steel surface during welding is accompanied by migration of Cr
and Mo to the surface layer. This, in turn, lowers the electrochemical potential of the
metal under the passive layer and increases the risk of corrosion previously initiated. The
chemical etching and passivation of the welded joints surface are an effective way to
counteract this threat. Nitrogen dissolved in the steel reacts with H+ to form NH4

+, thus
partially neutralizing the acidic pH of the corrosive medium within the pits, limiting their
growth [44]. It is believed that this may be the mechanism of active corrosion protection of
austenite over which a thinner passive layer forms. The effectiveness of this protection is
evidenced by the value of the nitrogen weighting factor in the PREN formula determined
for pure austenite [23]:

PREN = Cr + 3.3Mo + 30N (9)

A nitrogen deficiency in the passive layer of duplex steel limits the effectiveness of the
passive layer over the austenite grains. In Figure 12a, the pits formed in the filling of the
gas tungsten welded joint (TIG, 141) are shown in detail. The fillings were laid without
nitrogen in the shielding gas. The joint in question was subjected to a laboratory pitting
corrosion resistance test when exposed to FeCl3 solution. A fragment of extensive corrosion
pitting was selected for analysis. The alloying elements’ distribution in the part of the
pitting surface indicated by a white arrow revealed a relationship between the distribution
of Cr in the surface layer and Cl absorbed from the corrosive solution. In places with a
high Cr concentration (the surface layer above the ferrite grains), the content of absorbed
Cl on the surface was low. On the other hand, in places with a low concentration of Cr
(the surface layer above the austenite grains), the amount of absorbed Cl was high. It is
important to note that the high concentration of absorbed Cl occurred at places with the
highest corrosion intensity. In the case considered here, the SDSS weld metal had low N
content and, therefore, an insufficiently balanced microstructure. The preferred corrosion
attack was on the subsurface austenite grains and then, due to the presence of harmful
secondary phases, on the adjacent grain boundaries. Subsequently, the grains of both basic
phases of the metallic matrix were etched.
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Figure 12. Chloride pits identified in the SDSS weld metal (1.4501, F55). Joint filling obtained
after automatic TIG welding in Ar shielding gas without N2. In particular: (a) magnified optical
photography, (b) a photo taken with a scanning microscope, (c) Cl and Cr contents measured along
the white arrow marked in Figure 12b. The following locations are marked by vertical lines in
Figure 12c: solid lines—local maxima of the Cr content in the surface layer and the corresponding
local minima of the absorbed Cl content, dashed lines—local minima of the Cr content in the surface
layer, and the corresponding local maxima of the absorbed Cl content.
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8. Recommendations on the Chemical Compositions of Duplex Steel Grades with
Improved Corrosion Resistance

Because of the different physico-chemical properties of the passive layer over the
ferrite and austenite areas, the balanced microstructure reduces the risk of pitting corrosion.
Nowadays, the metallurgical industry offers duplex steel products with a microstructure
balance within the limits of ferrite

austenite ≈ 50%−10%

50%+10% . However, due to the risk of excessive
ferritization of the heat-affected zone (HAZ) on the welded joints, the parent material
should be used with the δ-ferrite content not exceeding 55% [45–49].

In each type of steel, the presence of carbon and sulfur precipitates with high surface
energy facilitates the initiation of corrosion. For this reason, the selection of materials with
the lowest C and S contents possible is recommended. The presence of atomic oxygen,
dissolved in the solid steel solution, supports electrochemical corrosion due to its role in
the cathodic reaction. It is therefore advisable to deeply deoxidize the liquid metal [50].

It is recommended to use the fourth-generation duplex steel. Welding of the high-alloy
duplex steels (both SDSS and HDSS) of the previous generations was associated with
technological difficulties to ensure an appropriate cooling time (Δt12/8) necessary for the
proper balance of the weld microstructure. Increased kinetics of austenite formation and
reduced sensitivity to selective corrosion of the δ-ferrite in the fourth generation steel
softens the welding technological regime necessary to obtain the required resistance to
pitting corrosion of such welded joints [22].

Duplex steels should not be welded without additional material due to the risk of
excessive ferritization of the weld, resulting from melting of the parent material. The weld
metals should have a Ni content higher by 2–4% compared to the parent material in order
to increase the kinetics of austenite formation δ → δ + γ as well as to compensate for the
lack of subsequent balancing of the welded joints microstructure by heat treatment. For this
reason, it is recommended to weld the lower grades of duplex steels with the weld metal
of the composition corresponding to the higher grade (e.g., DSS steels should be welded
with the weld metal of the chemical composition of SDSS steels). This applies in particular
to the weld root beads exposed to direct contact with the corrosive medium. Examples of
auxiliary materials dedicated to welding various grades of duplex steels are given in [51].

Nitrogen present in most duplex steel grades enhances the kinetics of austenite for-
mation. The relationship between the nitrogen content and δ-ferrite content in the weld is
linear (Figure 13).

Figure 13. Influence of nitrogen content in a weld made with the TIG method on the volume fraction
of δ-ferrite in the steel microstructure (according to [52]).

The high vapor pressure of nitrogen at the welding temperature causes its migration
from the weld pool to the surrounding environment and, consequently, reduces the share
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of austenite in the weld structure, thereby increasing the risk of losing corrosion resistance
and lowering the impact strength.

The nitrogen-poor weld contains up to 80% δ-ferrite. Since the electric arc does not
transfer the electrically neutral nitrogen atoms, N is not present in arc welding consumables.
Therefore, the only option to increase the N content in the weld metal during the welding is
the addition of N2 to the shielding and forming gases. The necessary amount of N2 depends
on its solubility limit in duplex steel and increases with increasing Ni concentration in the
steel. Nitrogen content in shielding gases for GTAW welding (TIG, 141) should be in the
range of 1–1.2% for DSS 22% steel and 2–2.5% for DSS 25%, both SDSS and HDSS steels.

The weld root is usually the area with the greatest risk of corrosion. Therefore, it is
important to use N2-rich mixture as forming gas. However, the use of shielding gases
with an excessively high N2 concentration may result in exceeding the N solubility limit
in solid solution and the appearance of weld porosity, especially in thick-walled joints.
Since the corrosion resistance of stainless steel is primarily determined by the properties
of the surface layer, the beads of the multi-run welds can be welded in pure argon to
avoid porosity. In such cases, the pitting corrosion resistance tests should not include the
weld filling.

The addition of 20–40% of helium to shielding gas increases the thermal energy
supplied to the weld, and this allows increasing the welding efficiency with the GTAW
method (TIG, 141). Furthermore, the full control of the O2 content in welding gases prevents
its absorption in the weld pool, as well as a harmful O increase in the solid solution. In
addition, it allows a reduction in the thickness of the oxide layer above the welded joint
and thus the depth of the depletion of the steel surface layer in Cr and Mo. Therefore, it
is recommended to use welding gases with O2 content below 200 ppm for duplex steels
and to flush the pipes from the weld root side with forming gas in order to reduce the O2
content as much as possible. It is suggested to limit the O2 concentration to 25 ppm.

9. Recommended Welding Technologies

Expensive duplex steels are primarily used because of their high corrosion resistance
in chloride environments. The correct welding technology selected for these steels should
therefore ensure sufficient corrosion resistance of at least those areas of welded joints
that remain in contact with the aggressive medium. In the case of single-sided welding,
e.g., pipelines, small vessels, and containers, it is usually the weld root with the adjacent
heat-affected zone that is most susceptible to corrosion. Whenever possible double-sided
welds should be designed since balancing the microstructure and achieving the required
level of resistance to pitting corrosion of the weld face is much easier than with the weld
root. In single-sided joints with an accessible weld root, the backing weld of the root may
be used to improve the low corrosion resistance. To each bead of the weld, it is necessary to
introduce the appropriate amount of thermal energy, limit the access of oxygen, provide the
necessary time for decomposition of δ-ferrite, and for the formation of an optimal amount
of γ-austenite. This is done by slow cooling between the 1200 ◦C and 1050 ◦C, and the
release of harmful secondary phases is prevented by quick cooling between the 1050 ◦C and
300 ◦C. The temperature range of 1050 ◦C to 850 ◦C requires a particularly intensive cooling
of the steel. In our opinion, the optimal heat amount, introduced into the weld to ensure
the expected cooling rate above and below 1050 ◦C, seems to be the fundamental issue
in welding duplex steels with classic arc methods. Moreover, the welding of subsequent
weld beads may not cause adverse effects in the microstructure of the preceding weld
beads, especially in the areas of the weld root, which are in direct contact with the corrosive
environment. Therefore, to ease the control and improve the uniformity of the heat transfer,
it is recommended to use mechanized welding instead of manual welding.

Limiting the access of oxygen to the root of the weld requires the use of low-oxygen
welding methods. In Figure 14a, the relationship between the breaking energy KV of the
weld metal and its oxygenation is shown in detail. The lowest degree of oxygenation in
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the weld metal is achieved by using the GTAW method (TIG, 141) and PAW (Plasma Arc
Welding) method (151), which is a GTAW method extension.

 

Figure 14. Breaking energy of the weld metal: (a) breaking energy KV determined at 20 ◦C as
a function of oxygen content in the duplex weld metal, (b) breaking energy KV determined at
0–(−60) ◦C, specified for various welding methods (according to [28]). The meaning of individual
abbreviations is explained in the Abbreviations of this paper.

The ease of GTAW (TIG, 141) made this method the primary choice. For the pipe
connections, a modified GMAW-STT method (Surface Tension Transfer, MIG-STT, 131-STT)
may be used. It provides a three to four times higher welding efficiency in rela-tion to the
conventional GTAW and gives a comparable resistance to pitting corrosion. Additionally,
it guarantees a satisfactory ductility of the material down to −40 ◦C [53]. It should be
noted that the use of high-oxygen, slag arc welding methods for this type of welds, such as
SMAW (111), SAW (121), or FCAW (114), reduces the corrosion resistance of the joints and
also reduces the breaking energy of the weld metal. At the same time, it increases the lower
operating temperature threshold for welded joints use (Figure 14b). This is a consequence
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of the high content of atomic oxygen dissolved in the solid solution and the presence of
oxide inclusions at the grain boundaries.

As most standards do not require pitting tests of the whole weld cross-section, any
flux-type welding (high-oxygen) methods can be applied for inner layers of thicker multi-
run joints. However, particular caution should be taken while welding SDSS and HDSS
steels due to their high yield strength and a stronger tendency to brittle fracture. In such a
situation, an application of the low-oxygen welding methods (both GTAW and PAW) at the
whole cross-section of the weld and precise balancing both of the weld microstructure and
the whole heat-affected zone (HAZ) is required for obtaining reasonable impact resistance.

The regulation of γ-austenite formation kinetics in duplex steel welds is dependent
on the proper shaping of the weld groove. The shapes of the grooves should be in general
analogous to those formed in acid-resistant austenitic steels. Nevertheless, minor discrep-
ancies are possible in the current situation. Examples of typical grooves recommended for
welding duplex steels are presented in [38]. For single-sided welding, the grooves should
be shaped to obtain a wider root gap, lower root face, and wider groove angle (bevel) [46].
The wider root gap and lower root face limit the weld metal and the parent material mixing
rate, which reduces the Ni content in the weld metal of the weld root. The root bead
should be massive enough to counteract the nitrogen deficiency at this welding step by
extending the cooling time in the austenite formation temperature range. The weld root
should be welded using high linear energy, within limits recommended by the weld metal
manufacturer. Under-heating of the weld root bead accelerates the cooling in the austenite
formation temperature range. Nevertheless, excessive overheating lengthens the cooling
time and stimulates the precipitation of harmful secondary phases. The consequence is a
reduction in pitting corrosion resistance and impact strength. The following filling beads
are often called “cold” runs. They should be welded with the linear energy reduced by up
to 75% and should not be massive so as not to cause changes in the microstructure of the
root run and in the HAZ, reaching directly under the passive layer. The following filling
runs are to be welded with recommended increased heat input energy, which in the face
layer reaches up to 150% of the heat input used for the weld root [54]. The thermal effects
of the successive layers of the weld, lying above the “cold” run, must in no way affect the
microstructure and properties of the weld root run.

The most problematic for maintaining the proper microstructure and sufficient pitting
resistance seems to be the single- and two-runs of the thin-walled welds. Such problems
appear in the seal welds of shell-and-tube heat exchangers [55]. Delicate girth welds
in-between massive perforated bottom and thin-walled pipe are often welded with an
intense mixing rate of weld and parent material of the pipe, and additionally, the cooling
rate is higher due to massive perforated bottom. The content of δ-ferrite usually exceeds
the limiting value of 70% even when using recommended welding material. In such cases,
the use of austenitic weld metal with a high Mo content allows obtaining ferrite amount
slightly smaller than 70%, which means a limited resistance to pitting corrosion. Further-
more, due to the cumulative effects of heat exposure of duplex steel and precipitation
of secondary phases, it is not advisable to cut the materials thermally. In order to avoid
a heat accumulation during welding, it is not recommended to preheat the steel, apart
from drying the surface at a temperature not exceeding 100 ◦C. For the same reason, the
inter-pass weld temperature should be strongly limited.

The recommendations given above allow obtaining welded joints resistant to pitting
corrosion for standard duplex DSS 22% Cr steels. However, with increasing Cr content,
the necessary cooling rate must be controlled. An insufficient austenite content in the
weld can occur if the cooling rate is too high. A release of harmful secondary phases can
be observed if the cooling rate is too low. The welding of high Cr duplex steels can be
facilitated by using a combined welding method, for example, GTAW with assisted cooling
of the weld by a micro-jet injector and argon as a refrigerant [56,57]. The rapidly expanding
gas quickly removes heat from the weld, allowing for 2–3 times higher intensification of the
cooling process. The introduction of micro-jet cooling allows increasing the welding heat.
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It ensures an increase in the share of austenite in the microstructure and thus increases the
pitting corrosion resistance of the joint. Moreover, the controlled and appropriately rapid
cooling below 1000 ◦C avoids the formation of harmful secondary phases.

The implementation of the high-temperature heat treatment after the welding, carried
out to properly balance the microstructure of duplex steel joints, is possible only for small
objects that can be fully homogenized annealed at 1050–1150 ◦C and then supersaturated in
water. Local heat treatment with the use of heating mats cannot be used due to degradation
of the steel microstructure at the edges and due to the impossibility of rapid cooling. The
large objects can be stress-relieved by tempering at temperatures below 300 ◦C for about
10 h so as not to initiate the microstructural changes within the lower TTT curve, as shown
previously in Figure 7.

The corrosion resistance of welded joints made of duplex steel can be improved by
chemical etching. The etching removes the oxide layer formed above the weld and heat-
affected zone as a result of welding and re-establishes a more compact passive layer. The
original oxide layer on the joint and in HAZ can be thick up to 100 nm [54]. The layer is
enriched with Fe2O3 and thus has a low resistance to pitting. The large depletion layer of
Cr and Mo further facilitates the development of pitting corrosion. The etched surfaces
are usually treated with highly oxidizing nitric acid, hydrofluoric acid, or peroxide [58].
The chemically formed passive layer is tighter, and the concentration of Cr2O3, MoO2, and
MoO(OH) in the layer is higher.

10. Additional Requirements for Welding Quality Control

Ensuring the corrosion resistance of duplex steel welded joints requires extending the
conventional routine quality control activities with a few additional measures. The first is
the need to control the O2 content in shielding and purge gases. The concentration should
be kept below 200 ppm O2. This can be achieved by sufficient gas purging flow of the inside
area. The second requirement is the need for continuous and accurate monitoring of the
weld inter-pass temperature during the welding. In duplex steels welds, this temperature
is usually significantly lower than in other steels [59]. An overheating may cause the
precipitation of harmful secondary phases. Moreover, it is necessary to constantly monitor
the ferrite content with a ferritometer. This is especially important in the case of single-
and double-run of thin-walled welds, as they have an increased tendency to excessive
ferritization.

The changes in the microstructure of duplex steel joints are usually accompanied by
a decrease in the breaking energy KV measured in the impact test. Low values of the
toughness KV of the considered weld, or the whole HAZ, tested according to the standard
ASTM A923 (Method B) [20], may indicate a possible lack of sufficient corrosion resistance.
In this case, it is recommended to perform specialized pitting corrosion resistance tests
in the chloride environment. The final control of the passivity of such welded joints,
both in installations and in structures made of stainless steel, may be performed after the
final etching and passivation using portable testers such as, for example, the Oxyliser 3
probe [60].

11. Corrosion Resistance Tests of Welded Joints Made of Duplex Steel, Carried out for
the Chloride Environment

The American standard ASTM G48 [18] is the leading standard for corrosion resistance
testing of duplex alloys and their welded joints. It contains several fundamental test
procedures for assessing the resistance of stainless steels and related alloys in a ferric
chloride solution. However, in the ASTM G48 standard, the criteria for evaluating the
test results obtained after the experiments are not explicitly defined. Therefore, the results
should be interpreted in conjunction with other guidelines taken, for example, from the
Norwegian standard NORSOK M601 [19] or American standard ASTM A923 [20]. The
corrosive environment in these tests is an oxygenated aqueous 6% FeCl3 solution. This
salt partially hydrolyzes in water. The temperature of the solution increases the degree
of hydrolysis, which results in a more acidic solution. The FeCl3 salt does not introduce
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foreign metal cations into the corrosive environment. The solution is not oxidizing. As
such, it does not passivate the metal surfaces and has a high penetration capacity for the
surface micro-damages [61].

The results of FeCl3 tests are affected by temperature and autocatalytic course of
pitting corrosion. According to the ASTM G48-method A standard procedures, the recom-
mended test temperature for duplex DSS 22% Cr steels is 22 ± 2 ◦C and for SDSS steels is
35 ± 2 ◦C. The use of thermostatic water baths with temperature stabilization at ±0.2 ◦C is
recommended. If there is no consensus on the temperature conditions of tests, a deviation
from recommendations of the ASTM G48-method A standard is permissible, provided that
all the other elements of the standardized test procedure are followed. This deviation is
allowed since in less corrosive environments, such as, for example, NaCl solution, the test
temperature may be correspondingly higher. Due to the autocatalytic nature of the pitting
corrosion, the extension of the test duration is accompanied by an increase in the average
daily mass loss. Then, there is a gradual blurring of differences in corrosion losses between
materials of different resistance, and the probability of obtaining an unreliable test result in-
creases. For these reasons, the test time originally proposed in ASTM G48-method A (72 h)
has been reduced to 24 h in the NORSOK M601 and ASTM A923 standards. The standards
recommend using flat samples with dimensions of 25 mm × 50 mm or sections of tubular
surfaces which are equivalent to these sizes. Any unevenness caused by machining should
be smoothed and sharp edges rounded. Moreover, efforts should be made to minimize
the side surfaces of the samples. In the case of thick samples, taken, for example, from
multi-pass joints, cutting a thin sample from the weld root or weld face layer can be a good
option as it is responsible for the corrosion resistance of the entire joint. Ideally, the exposed
surface should be representative of the corrosion risks within the joint. It must therefore
encompass the joint itself, HAZ, and base material. It is also advisable to mirror the surface
roughness of the welded joint. The root and face weld surfaces should not be mechanically
polished [62]. In the comparative tests of pitting corrosion resistance of the basic materials,
a maximum standardization of the shape, dimensions, and surface conditions of samples
must be guaranteed. It is also necessary to round the sample edges.

The NORSOK M601 standard supplements the requirements with preliminary etching
in HNO3 and HF solutions. By etching, a thick and leaky passive layer above the weld and
heat-affected zone is removed. A re-passivation under free oxidation in the air requires
at least 24 h to obtain a sufficiently thick and tight passive layer. The NORSOK M601
standard suggests maintaining the time interval between the sample preparation and
the test itself. Direct corrosion testing immediately after etching may result in uniform
corrosion without visible pitting, exceeding the limit of the allowable weight loss. In such a
case, it is necessary to repeat the corrosion test by doing the preparations again and keeping
a 24 h interval between the HNO3 + HF pre-etch operation and the main FeCl3 test.

It is permissible and beneficial to replace the manual sample washing with an ultra-
sonic bath. This ensures more effective removal of corrosion products from the sample
surface and positively affects the reliability of mass measurements. The test should be
performed in a stationary medium with free air access to the FeCl3 solution. Cutting off
the access of oxygen and solution stirring causes the polarization of corrosion cells and the
electrochemical processes between the sample and the solution may cease.

The results of the pitting resistance test according to ASTM G48-method A are assessed
based on the weight loss measurements and visual inspection. Due to the small weight
loss of the samples during the test, analytical balances with a measurement accuracy of
1 mg should be used. The permissible maximum weight loss, according to NORSOK
M601, is 4 g/(m2 per day). It corresponds to a corrosion rate of ~0.2 mm/year. In the tests
associated with ASTM A901; however, a weight loss of 1 g/(m2 per day) is allowed, which
corresponds to a uniform corrosion rate of ~0.05 mm/year. In practice, these thresholds
are achieved at the time of few tiny pit appearances on the sample surface, noticeable at
20× magnification. The occurrence of a single pitting on the surface of a sample, noticeable
20× magnification, qualifies the test result as negative.
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In Figures 15 and 16, typical visual assessment results are shown [21]. The tests were
carried out according to procedures recommended for use in the ASTM G48-method A
standard. The photos presented in Figure 15 show the classic DSS 22% Cr steel, grade
2205 (1.4462, F51), hand-welded with the GTAW method (TIG, 141), shielded with Ar + N2
mixture, with 2209 wire. A well-balanced parent material with δ-ferrite content of ~51%
was used for welding. As there is a relatively long initiation time of secondary phase
precipitation, it is possible to extend the thermal exposure time in the range of austenite
forming temperature by introducing more heat to the weld. As a result, ~42% δ-ferrite
content has been obtained in the root of the weld, and ~55% in its face. The thermal
welding cycle increased the ferrite content in the HAZ to ~62%. Due to the relatively
low temperature, the amount was still within safe limits. The cooling rate below 1050 ◦C
was sufficiently high, and no harmful secondary phases were released at the ferrite grain
boundaries. The corrosion resistance test performed according to the ASTM G48-method
A procedure, in conditions typical for the DSS duplex steel, showed a weight loss of less
than 1 g/(m2 per day).

 

Figure 15. Authors’ analysis of welded connection made of duplex DSS steel with high resistance to
pitting corrosion identified for the environment of chlorides.
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Figure 16. Authors’ analysis of welded connection made of super duplex SDSS steel with a low
resistance to pitting corrosion identified for the environment of chlorides.

The photograph of a representative sample surface, taken with a 20× magnification
(Figure 15), does not reveal any signs of pitting corrosion. Similarly, no corrosion changes
were found on the weld root side. It shows that in the case of DSS 22% steel, the compliance
with the material and technological recommendations allows an average experienced
welder to obtain a joint with the required level of pitting corrosion resistance.

The opposite situation is shown in Figure 16. The SDSS duplex steel, grade 2507
(1.4410, F53), was subjected to manual GTAW welding (TIG, 141), shielded with Ar + N2
mixture, with 2509 wire. Nevertheless, either an insufficiently balanced or heterogeneous
base material was used for welding with increased δ-ferrite content, amounting to ~63% in
the base material and to ~55% in the HAZ. It can be presumed that the heat introduced into
the joint was insufficient to form an optimal amount of austenite. This is indicated by the
high content of δ-ferrite, both in the root and in the face of the weld, amounting to ~70%,
and by the small size of austenite dendrites. The representative photo of a sample surface,
taken from the weld face side with 20× magnification, reveals intense pitting corrosion in
the weld face at the fusion line (Figure 16). It may be a result of a too-short cooling time,
low Ni content in the welding wire, use of shielding gas with low N2 content, or a manual
error in welding, causing excessive local mixing of the parent material and weld metal.
The corrosion resistance test, carried out according to the ASTM G48-method A procedure,
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showed a weight loss of over 10 g/(m2 per day). This example shows the sensitivity of
SDSS steels to welding technology errors, resulting in a lack of resistance to pitting.

12. Concluding Remarks

This work was meant to be a practical guide for designers, contractors, and investors
of various types of structures made of duplex steel. It provides a set of recommendations.
The suggestions presented here result from many years of professional experience of the
authors in the field. Our observations show that many mistakes are still made, mainly due
to the incorrect selection of steel or an inappropriately selected welding technology.

The basic criterion for assessing the suitability of a given steel grade was its resistance
to pitting corrosion. Sufficient corrosion resistance can be achieved by:

• careful selection of the parent material with the lowest possible content of ferrite-
forming elements, the lowest possible content of C and S in the melt and properly
balanced steel microstructure within limits ferrite

austenite ≈ 50%−10%

50%+10% ;
• use of the low-oxygen welding methods, protection of the weld pool against oxygen

absorption from the atmosphere;
• use of a dedicated additional material with an increased Ni content (2%–4%), and

ensuring the enrichment of the weld metal with austenitic nitrogen by using forming
and protective gases with an appropriate N2 content;

• regulating the kinetics of phase transformations during welding by appropriately
shaping the welding groove, controlling the amount of heat introduced into the weld
and massiveness of subsequent beads;

• avoiding harmful thermal exposure at temperatures exceeding 300 ◦C, including
adherence to the recommended inter-pass temperature during welding and its contin-
uous monitoring;

• monitoring the level of δ-ferrite content in the joints;
• chemical etching and passivation of both the weld area and adjacent HAZ.

The application of a joint cooling method, with the use of a micro-jet injector in
mechanized welding, may support the regulation of phase changes kinetics in the high
alloyed DSS 25% Cr, SDSS, and HDSS steels. It enables welding with high linear energies of
the arc, which positively influences the δ-ferrite decomposition and formation of austenite
in the weld. It provides a fast cooling of the joint within the safe temperature range and
outside the harmful phase transformations of both the steel and duplex weld metal.

The pitting corrosion resistance tests in chlorides should be carried out in environ-
mental conditions that do not exceed the limiting resistance of the tested materials. The
tests should be conducted on those areas of the welded joint that are essential for corrosion
protection in the specific installation of the welded structure.
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Abbreviations

WPQR Welding Procedure Qualification Record
LDSS Lean Duplex Stainless Steel
DSS (Standard) Duplex Stainless Steel
SDSS Super Duplex Stainless Steel
HDSS Hyper Duplex Stainless Steel
PREN Pitting Resistance Equivalent Number
K δ

γ
Partition coefficient of alloying elements between δ-ferrite and γ-austenite

Δt12/8 Temperature range between 1200 ◦C and 800 ◦C
%wt. Weight percent
TTT Time-Temperature-Transformation
FN Ferrite Number
GTAW Gas Tungsten Arc Welding
PAW Plasma Arc Welding
GMAW Gas Metal Arc Welding
SMAW Shielded Metal Arc Welding
SAW Submerged Arc Welding
FCAW Flux-Cored Arc Welding
HAZ Heat Affected Zone
STT Sufrace Tension Transfer
CPT Critical Pitting Temperature
VOD Vacuum Oxygen Decarburization
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Abstract: In recent years, alloy and alloy-ceramic coatings have gained a considerable attention owing
to their favorable physicochemical and technological properties. In this review, we investigate Ni,
NiCo alloy and NiCo–ceramic composite coatings prepared by electrodeposition. Electrodeposition is
a versatile tool and cost-effective electrochemical method used to produce high quality metal coatings.
Surface finish and tribological properties of the coatings can be further improved by the addition of
suitable agents and control of deposition operating conditions. In this review, Ni, NiCo alloy and
NiCo–ceramic composite coatings prepared by electrodeposition are reviewed by critically evaluating
previous researches. The use of the coatings and their potential for future research and development
are discussed.

Keywords: nanostructured coatings; microhardness; corrosion resistance; electrochemical deposition

1. Introduction

Materials are a fundamental pillar in engineering technology. The materials’ electrochemical,
thermal and mechanical interaction begins on the surface. However, material surfaces face the constant
threat of wear and corrosion resulting in massive losses in industry. The use of surface enhancement
technology to prevent or mitigate the loss has therefore become inevitable. Over the last few decades,
major scientific development in the fields of metallurgy and materials has occurred, giving rise to new
engineering materials with superior properties. Developing suitable processing to produce desired
materials is complex and requires altering the inherent properties of the materials. Consideration is
made of the overall economic perspective and its environmental impact.

Electrodeposition is an electrochemical process that is used to modify the surface structure. Use
of electrodeposition in surface engineering can be traced to nearly 200 years ago based on some
hypotheses [1]. The galvanic cell, invented in early 1800′s, paved way for use of electric current to
produce coatings as a more cost-effective technique. The electrodeposition technique possesses an
edge over other coating techniques due to several reasons [2]:

(i) Low initial investment coupled with high rate of production.
(ii) It can be used with a wide variety of shapes and sizes of substrates
(iii) Ease of producing economically viable quantities of nanocomposite materials, with grain sizes as

small as 10 nm.
(iv) Products of electrodeposition require no further processing and can be used immediately after

the process.

Materials 2020, 13, 3475; doi:10.3390/ma13163475 www.mdpi.com/journal/materials27
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(v) It is an easy concept that can be replicated in industry and laboratories with minimal
technological barriers.

(vi) Electrodeposited Ni coatings have exhibited superior density and lower porosity.

Electrodeposition is based on the principle that a layer of coating, either single or multilayer, forms
as a result of the electrode–electrolyte electrochemical reactions occurring leading to electrodeposition
of ions contained in electrolyte. It utilizes the properties of materials in their metastable state as a
result of reduction of the grain size on the nano scale. In such a state, the grain boundaries contain
a proportion of atoms that is higher or equivalent to those inside the grains [3]. These new types
of materials consisting of nanoparticles are referred to as nanocomposite materials and they exhibit
superior properties compared to traditional grain sized materials and sometimes offer completely
new properties altogether. As a result, nanocomposite materials with grain sizes below 100 nm
have received considerable attention from scientists and researchers all over the world. Several new
electrodeposition synthesis methods have been devised over the years to increase production efficiency
of new materials and minimize cost. This has ranged from using the basic direct current set ups to
more ambitious procedures such as: pulse plating, jet electrodeposition, and the pulse reversal current
technique [4–6].

Pure Ni is one of the most widely used alloying metals in the world owing to its superior corrosion
and wear resistance [7]. Electrodeposited Ni coatings have uses in decoration, functional uses, as well
as in engineering for surface protection [8]. Superplasticity in metals (materials exhibiting increased
elongations to failure of >500%) is dependent on elevated testing temperatures and fine grain sizes of
<10 μm [9]. Prasad and Chokshi [9] reported that electrodeposited nanocrystalline Ni is characterized
by good superplasticity properties and is used in studying the phenomenon in electrodeposited metals
owing to the ease of synthesizing coatings with small grain sizes. Ni coatings exhibit improved
resistance to localized corrosion and this makes them perfect for use as anti-corrosive coatings [2].
Furthermore, research shows that thin films of different materials coated with epitaxial thin Ni coatings
of a few nanometers have similar hardness to bulk nickel, such that the wear resistance of micro/nano
electro mechanical system devices can be greatly improved if coated with a thin Ni coating [10]. Studies
have shown that nano-sized nickel can aid the diamond yielding process. Ni atoms have a three
dimension absent state which serves to attract electrons in the carbon fullerenes. This in turn causes
the sp2 fullerene to be transformed into a diamondlike sp3 structure. This transformation can also
be attributed to high reactivity which effectively aids the change at an impulse during shock wave
loading [2].

Ni based alloy coatings can also be produced using electrodeposition. Choice of the alloying
metal depends on the properties desired, which can range from good electrical conductivity, good
wear and corrosion resistance, soft magnetic properties to special optical properties. Over the years,
many different types of metals have been electrodeposited with Ni to form alloys: Co, Fe, Cu and W.

Ni–Co is one such alloy. There exist several different synthesis techniques for Ni–Co alloy coatings
and they include: radio frequency magnetron sputtering [11], electrodeposition [12] and vacuum
evaporation [13,14]. The electrodeposition technique has several advantages over the other two
methods and they include: low cost, simplicity, scalability and manufacturability [15]. Furthermore,
electrodeposition can be used to grow a wider range of materials.

Research shows that electrodeposited Ni–Co alloy coatings exhibit better properties compared
to pure Ni coatings [12]. Ni–Co alloy exhibits higher hardness, better adhesion, excellent magnetic
properties, high wear and corrosion resistance as well as good stability at high temperature [16–19].
Wang et al. [20] researched the effect of cobalt content on mechanical and microstructural properties on
Ni–Co alloy coatings. It was reported that Ni–Co alloy coatings exhibited approximately double the
microhardness when compared to pure Ni coatings. It was also reported that the Ni–49Co coatings
exhibited a decreased rate of wear in comparison to pure Ni coatings. Hassani et al. [21] researched
on low temperature superplasticity of nanocrystalline electrodeposited Ni–Co alloy with an average
grain size of 20 nm. It was reported that a maximum elongation of 279% at a temperature of 773 K was
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obtained. Ni–Co alloys are considered to be the best suited materials for replacing hard chromium [22].
Research shows that microhardness in Ni–Co alloys increases gradually with increase in Co content up
to an optimum level, after which the microhardness decreases with further increase in Co content [16].

To further improve the properties of Ni–Co alloy coatings, nanoparticles have been suspended
in electrolyte and they become embedded into the electro-formed solid phase layer during
electrodeposition [23]. In such materials, the inherent properties of the nanoparticles have been
found to significantly influence the overall properties of the nanocomposite coatings. Many different
types of nanoparticles have been electrodeposited with Ni–Co alloy including SiC, Al2O3, SiO4, ZrO2,
Cr2O3, Si3N4 and TiO2 [24]. These nano particles used in electrodeposition can be classified as either
hard materials or soft materials depending on the desired properties. Soft materials such as graphite
offer properties which include lower the friction coefficient to reduce wear and the coefficient of
friction between shearing surfaces [25]. Hard materials such as Al2O3 improve the microhardness and
wear resistance of surfaces [26]. The matrix phase microstructure coupled with nanoparticle content
and distribution in the metallic matrix phase significantly influences the properties of nanoparticle
reinforced Ni–Co matrix nanocomposite coatings. From past research, it is clear that addition of
nanoparticles has served to improve the properties of Ni–Co coatings. In some instances, however,
addition of Co has been observed to improve the overall properties of Ni-nanocomposite coatings such
as hardness and residual stress [27]. Addition of Co2+ in Ni/diamond plating baths has been seen
to greatly improve the deposition of diamond in the coatings resulting in higher diamond content,
enhance bonding between matrix and particles, as well as more uniformly dispersed particles in the
metal matrix, resulting in improved wear resistance and hardness properties [28]. The properties of
Ni–Co alloys and their composite coatings have also been previously reported on by Karimzadeh
A et al. [29]. This review aims takes a different approach to the wide research field of Ni–Co and
Ni–Co-based composite coatings. Factors such as the effect of electrode orientation and forces existing
in the electrolyte bath on the deposition process have been considered. Moreover, additives such as
boric acid have been extensively explored, and the intricate working of the Watts solution has been more
deeply discussed for easier understanding. Properties such as adhesion between substrate and coating
have been extensively discussed, comparisons between techniques drawn, and recommendations for
further adhesion improvement have been presented.

2. Electrodeposition Methods

2.1. Direct Current Electrodeposition

In Direct current (DC) electrodeposition, an electric current is continuously transferred through
the system without any interruptions. DC electrodeposition is divided into two types depending
on the orientation of the electrodes in electrolyte during the electrodeposition process. These are
the conventional electrodeposition, and sediment codeposition (SCD) techniques. For conventional
electrodeposition, the electrodes are placed vertically in the electrolyte, but for SCD they are placed
horizontally. Adsorption of nanoparticles into the alloy matrix during electrodeposition is greatly
influenced by forces acting on the suspended nanoparticles. The kinetics involved can be used to
explain this difference. The two main forces at work during SCD electrodeposition are gravitational
pull and the electrophoresis force, thereby giving more desirable properties compared to conventional
deposition which solely relies on gravitational pull [30]. DC has several advantages over pulse
electrodeposition and pulse reversal current (PRC) electrodeposition. These include simplicity, the
availability of vast technical knowledge and affordability. Borkar T [31] reported that for all Ni and
Ni nanocomposite coatings deposited, DC deposited coatings exhibited much stronger (less random)
crystallographic textures compared to coatings deposited using PC and PRC deposition techniques.
Furthermore, in DC electrodeposition, the Co content in the deposited Ni–Co coatings is dependent
on the composition of the electrolyte, unlike in jet electrodeposition where Co electrodeposition is
controlled by diffusion [4].
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2.2. Pulse Current Electrodeposition

Pulse current electrodeposition (PC) has been used extensively over the years in Ni–Co
electrodeposition [32]. The three most fundamental parameters that affect the properties of the
coatings include in pulse current electrodeposition include: peak current (Ipeak), pulse imposition time
(ON-time, TON) and switch off time (OFF-time, TOFF). These parameters relate mathematically to
evaluate (1) pulse frequency, (2) duty cycle, and (3) average current density, as shown [32,33]:

f =
1

TOFF + TON
(1)

γ =
TON

TOFF + TON
∗ 100 (2)

Iavg
TON

TOFF + TON
∗ Ipeak = Ipeak (3)

where γ is the duty cycle, f the frequency, Ipeak the peak current density, and Iavg the average
current density.

In pulse electrodeposition, peak current density has a significant effect on microhardness, crystallite
size, surface morphology, microstructure, composition, and tensile strength of PC deposited Ni–Co
alloys and their nanocomposites [34]. Crystallization and growth in turn determine the microstructure
of the nanocomposite. The texture of the coatings is determined by both peak current density and
organic surfactants [35]. The quantity of adatoms located at the surface is higher due to the applied
higher current density as compared to DC electrodeposition. This results in smaller grain sizes [5].
Padmanabhan [36] reported that pulse electrodeposition is used as an effective method for the reduction
of grain sizes to nanoscale [5].

Although it is a relatively low-cost synthesis technique with simple implementation, pulse
electrodeposition is ideal for production of full density nanocrystalline materials [33]. Yang and
Cheng [32] reported that the morphology of the deposited coatings changed from nodular to acicular,
and a finer grain size was observed with increasing pulse frequency and decreasing duty cycle. It has
also been reported that at low current densities, smoother surface morphologies are observed [37],
but an increase in peak current density produces distinct colony-like morphologies characterized by
clearer colony boundaries [34].

Pulse electrodeposition exhibits several advantages over DC electrodeposition, such as improved
wear resistance and hardness, particle distribution, structure, morphological structure and the ability
to control the grain sizes of the deposits [38]. PC electrodeposition has higher instantaneous current
density compared to DC electrodeposition, thereby increasing its effectiveness in agitating the
adsorption–desorption processes that occur at the Ni electrolyte interface. This makes it possible
to control the electrodeposited Ni coating microstructure [39,40]. It has also been reported that PC
deposits contain a higher nanoparticle content compared to coatings deposited by the DC deposition
technique [31]. Yang and Cheng [32] concluded that the high microhardness of deposited Ni–Co–SiC
coatings was primarily associated with increasing SiC content in the coatings with increasing pulse
frequency and decreasing duty cycle. This significantly increased the microhardness as a function of
the dispersion strengthening mechanism. Watts type baths used for pulse plating of Ni based coatings
have been reported to produce the best coating results [2].

The PC deposition technique suffers from a drawback called the double layer capacitance effect.
The double charging layer of the electrodes is subjected to charging and discharging occurrences. In a
case where the ON- and OFF-times are much shorter than the charging and discharging times, the PC
would revert to DC current. As such, care is taken to select a high frequency thus ensuring the effect of
the double layer capacitance effect is negligible.
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2.3. Jet Electrodeposition

In this technique, a jet of plating solution is directed at the cathode surface directly. There exists
an electrical field between the anode (located in the nozzle) and cathode (substrate). Figure 1 is a
schematic representation of jet electrodeposition technique setup [4].

Figure 1. Schematic image of pulse jet electrodeposition.

As the plating solution flows, electric current is transferred along the stream of fluid to the substrate
surface, thereby enabling deposition to occur on the cathode surface where the jet flows over [41]. Jet
electrodeposition is a high-speed electroplating technique that offers a wide range of advantages [4].
These include: (i) a higher deposition rate compared to other conventional electrodeposition techniques,
and (ii) a more efficient grain size refining effect. This is attributed to the cathode in the jet technique
having a larger overpotential that can be used simultaneously with higher current densities. In
this technique, Co content in the coatings increases with increases in electrolyte jet speed, Co2+ ion
concentration in the electrolyte, and cathodic current density.

2.4. Pulse Reversal Current Electrodeposition

There are nine waveform parameters that can be used to represent the waveform characteristics
according to the definition of bidirectional pulse parameters: (i) forward conduction time tc, (ii) reverse
conduction time td, (iii) forward peak current density Ip+, (iv) reverse peak current density Ip−, (v)
average current density Iav, (vi) pulse period T, (vii) reverse current coefficient x, (viii) duty cycle λ,
and (ix) frequency f [42]. The nine parameters are interrelated and they do not change independently.
Where average current density Iav, duty cycle λ, reverse pulse coefficient x, and frequency f are
considered as the independent variables, the parameters can be related mathematically, as shown in
Equations (4)–(12) [43]:

Ip+ =
Iav

xλ+ λ− x
(4)

Ip− = xIp+ (5)

tc = λT =
λ
f

(6)

td = T − tc =
1− λ

f
(7)

T = tc + td (8)

Iav =
tc Ip+ − tc Ip−

T
(9)

λ =
tc

td
(10)
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x =
Ip−
Ip+

(11)

f =
1
T

(12)

Figure 2 shows the schematic diagram of a typical pulse-current wave form when Iav = 15 A·dm2,
λ = 0.5, x = 0.5, and f = 10 Hz.

Figure 2. Schematic diagram of pulse waveform when Iav = 15 A·dm2, λ = 0.5, x = 0.5, and f = 10 Hz.

Pulse reversal current (PRC) electrodeposition has been used over the years owing to its unique
ability to enhance nanoparticle incorporation in electrodeposited composite coatings, with the highest
reported content being 23 wt% [44–46]. Ni–Co coatings produced using the PRC synthesis technique
have been reported to exhibit higher hardness, better anti-wear properties, more compact surfaces,
lower residual macro stress and better compact surfaces than those produced using DC and PC
electrodeposition techniques [6,40]. In particular, the hardness improvement has been attributed to
increased distribution of nanoparticles in the deposited Ni–Co matrix. As for lower residual macro
stress, PRC deposits are characterized by uniform coatings since the technique hinders thickening
of the corners and edges, as is common with DC electrodeposition. It can also be postulated that
adsorption of H atoms by the deposited coatings is suppressed by pulse intervals and reversal current
in PRC technique [40]. PRC deposited Ni–Co nanocomposite coatings possess smoother surfaces, finer
Ni matrix crystals, and smaller grain sizes compared to DC technique deposited coatings [40].

The smooth surfaces coupled with high hardness increase the load-carrying capacity of
Ni–Co nanocomposite coatings and thereby improves their wear resistance properties. The lower
macro-residual stress also plays a great part in wear resistance, where it causes lower brittleness
and higher toughness in the coatings, and this decreases the rate of nanoparticle flaking and metal
matrix peeling during wear testing [40]. PRC technique can be used in ultrasonic power conditions
and this presents desirable effects on deposited Ni–Co coatings [47,48]. Overall, it presents several
advantageous effects on the electrochemical process:

(i) Hindering sundries adsorption thereby altering the reaction mechanism,
(ii) An increase in exchange current density,
(iii) Lowering cathodic polarization,
(iv) Current efficiency and yield improvements, and
(v) (Strengthening conversion and diffusion.

It has been reported that Ni–Co nanocomposite coatings electrodeposited using the PRC technique
subject to ultrasonic conditions present finer grained, compact, and uniform coatings [6].
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3. Electrodeposition Parameters for Ni–Co Alloys

3.1. Effect of Co Concentration in Electrolyte

Cobalt content has been reported to increase with increase in Co concentration in the electrolyte
bath [12,49]. For Ni–Co deposition, Ni and Co combine to form a solid solution that engulfs the
nanoparticles suspended in the electrolyte. As such, the higher the concentration of Co element in the
electrolyte, the more formation of this solid solution matrix occurs on the cathode surface. Variation of
Co2+ in the electrolyte has significant effects on grain sizes, and cobalt content of the electrodeposited
Ni–Co alloys and nanocomposites. Grain refinement can be explained using two approaches. Firstly, a
lattice strain is produced as a result of the difference in atomic sizes of Co and Ni. As the content of Co
increases, the lattice distortion becomes aggravated causing vacancy and dislocation defects in the
lattice. Grain size refinement is a direct consequence of these defects.

Secondly, as a result of anomalous deposition of Co, the deposited Co content is higher than the
corresponding concentration of Co in the electrolyte [49,50]. In this process, the less noble element
(Co in this case) is reduced preferentially, resulting in a much higher content. This increase in content
reaches a critical value, beyond which the microstructure of the electrodeposited coating changes
from single phase (a-phase) face-centered cubic (FCC) to a combination of a-phase and hexagonal
close-packed (HCP) e-phase. This combination of two structural phases results in grain refinement of
deposited coatings.

Addition of Co2+ into the electrolyte also enhances transport and deposition of suspended
nanoparticles. Transfer rate of nanoparticles through the bulk of the electrolyte is a function of
electrophoretic forces existing between charged nanoparticles and the cathode surface which in turn is
influenced by the quantity of adsorbed cations on the nanoparticle surfaces (zeta potential). Therefore,
the amount and type of adsorbed cations determines the magnitude of electrophoretic force [51]. It
was reported that deposition of nanoparticles was enhanced by addition of Co2+ into the electrolyte,
and it can be suggested that zeta potential in Co2+ containing baths is much more positive, owing to
Co2+ being much more easily adsorbed onto the surfaces of nanoparticles than Ni2+. As a result, the
electrophoretic forces exerted on nanoparticles are more intense.

3.2. Current Density

Current density (CE) affects the current efficiency of the process. Current efficiency (%) describes
the ratio of electrochemical current density for a specific reaction to total applied current density. It
illustrates the transfer efficiency of electrons to the electrochemical system. Current efficiency (η) is
calculated by factoring charge passed, weight of deposits given by the difference between the weight
of samples before and after deposition, and the chemical composition of the coatings as shown in
Equation (13) [52].

η =
W
It

(∑ (Fgiei)

KNi

)
× 100 (13)

where W is the weight of the deposit (g), I is the current passed (A), t is the deposition time (h), gi is the
weight fraction of the element in the binary alloy deposit, ei is the number of electrons transferred in
the reduction of 1 mol atoms of that element, Ni is the atomic weight of that element (g/mol), F is the
Faraday constant (96,485.3 C/mol) and K is a unit conversion factor (3600 C/A h).

Grain size, microstructure, brightness, thickness distribution, composition, surface morphology,
microhardness and tensile strength of PC electrodeposited Ni–Co alloys are significantly influenced by
variation of peak current density Jp [34,53]. It has been reported that current density has a significant
influence on rate of deposition, plating adherence and the quality of plating of Ni–Co coatings. The
deposition rate increases with increases in current density [54]. Li et al. [34] used a pulse technique to
research the effect of varying pulse frequency in electrodeposition of nanocrystalline Ni–Co deposits.
It was found that increase in peak current density resulted in a lower cobalt content, smaller grain
size, higher tensile strength and a colony like morphology. A recommendation for a peak current
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density range of 100–200 A·dm−2 was suggested for grain sizes ranging from 15–20 nm, a 7%–8%
cobalt content, 590–600 kg mm−2 microhardness and 118–1200 MPa tensile strength. When using the
PC technique to electrodeposit Ni–Co, it was reported that the lowest current densities achieved the
most compact layer of alloys [5].

Extremely high current density Jp however has been reported to have a drastic effect on
microhardness and tensile strength of electrodeposited Ni–Co coatings [34]. This has also held
true for Ni–Co alloys electrodeposited using jet electrodeposition technique [4]. It could be suggested
that this is because of the decrease in cobalt content with increase in the current density. Li et al. [34]
researched the effects of peak current density on mechanical properties of Ni–Co alloys and reported
that Co content decreased with peak current density increase. One of the key aspects in electrodeposited
Ni–Co alloys and nanocomposite coatings is solid solution strengthening where the Ni and Co in
electrolyte combine to form a solid solution. A decrease in Co content will therefore yield less solid
solution strengthening for coatings electrodeposited at higher current densities. Figure 3 shows the
relationship between peak current density and cobalt content [34].

 

Figure 3. Cobalt content in Ni–Co alloy coatings with varying peak current density [34]. Reprinted
from Applied Surface Science, 254, Yundong Li, Hui Jiang, Weihua Huang, Hui Tian, Effects of peak
current density on the mechanical properties of nanocrystalline Ni–Co alloys produced by pulse
electrodeposition/Pages No. 6865–6869, Copyright (2020), with permission from Elsevier.

In the case of Ni–Co, electrodeposition of the Co element is influenced and controlled by diffusion
as compared to that of Ni which is predominantly controlled by activation. In light of this, an increase
in cathodic current density results in an increase in cathodic overpotential. Concurrently, activation of
the electrode reaction increases and, as a result, the rate of deposition of Ni element into the coating
increases significantly [34].

In the case of Ni–Co nanocomposites, it has been reported that thinner coatings resulting from
smaller amounts of electricity tend to have a higher content of nanoparticles compared to thicker
coatings that are formed with larger amounts of electricity. This suggests that nanoparticles become
adsorbed during the early phase of deposition and become unevenly distributed with increases in
thickness of coatings [55].

3.3. Particle Content

The magnetic properties, corrosion resistance, and mechanical properties of electrodeposited
Ni–Co nanocomposites are mostly governed by the amount and distribution of nanoparticles. There
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are several interrelated factors that influence incorporation and distribution of nanoparticles into
the Ni–Co coatings. These factors can be broadly classified as (i) electrolyte composition (reagents,
pH, additives); (ii) nanoparticle characteristics (size, shape, type); (iii) deposition parameters (current
density, bath temperature, concentration of nanoparticles and rate of electrolyte agitation); (iv) cobalt
content in the coating where the Co2+ cations that are adsorbed on the particle surface increase
the incorporation of nano particles into the coating deposits, causing an increase in nanoparticle
deposition with increase in cobalt content [28,51,56]; and (v) electrode orientation, which determines
the incorporation efficiency of the nanoparticles. Increase in nano particle content on Ni–Co nano
composite coatings can be improved by using the sediment deposition technique (SCD) as opposed
to the conventional electrodeposition technique. In the SCD technique, the electrodes immersed in
the electrolyte are placed horizontally and parallel to each other. As such, electrodeposition in this
technique takes advantage of gravitational pull coupled with the electrophoresis force resulting in better
incorporation of nano particles [30,49]. In conventional electrodeposition, only the electrophoresis
force is utilized. Figure 4 shows the electrodeposition setups depending on electrode orientation in the
electrolyte. Research shows that nanoparticle content in electrodeposited Ni–Co coatings increases
steadily with increase in nanoparticle concentration to a given maximum value beyond which the
nanoparticle content in the deposit decreases. This increase in nanoparticle content with increase
in concentration can be attributed to increased transportation of the nanoparticles to the cathode
surface where more and more nanoparticles can be engulfed in the growing Ni–Co matrix. At high
concentrations of nanoparticles, the interaction equilibrium between the suspended nanoparticles and
the embedded ones is exceeded, beyond which the surface of the cathode becomes covered such that
more suspended nanoparticles cannot be embedded into the coatings. Moreover, there is increased
mechanical collisions between the nanoparticles and this reduces their transportation efficiency across
the electrolyte bulk. The content of nanoparticles in the coatings therefore decreases.

 
Figure 4. Schematic image of the deposition setups: (A) DC power supply, (B) Epoxy cover, (C) plating
solution, (D) anode, (E) cathode, (F) magnetic bar and (G) external pH–temperature probe [30].

3.4. Electrolyte Agitation

High electrodeposition current density translates to high deposition rates, which almost always
causes burrs on the cathode surface as well as increasing the coating roughness. Electrolyte agitation
causes a distinct reduction of burrs that are formed on the edges of coated substrates and this reduces
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the coating roughness and improves uniformity [53]. Furthermore, increasing the stirring speed of
the electrolyte during the deposition process increases the content of nanoparticles deposited in the
Ni–Co coatings up to a given maximum level beyond which the content reduces [26,57]. At low
agitation rates, the concentration of nanoparticles surrounding the cathode may reduce, resulting in the
feed rate of the nanoparticles being lower than their adsorption into the Ni–Co matrix. Additionally,
incomplete dispersion as a result of insufficient convection may cause agglomeration of nanoparticles
and gravity settling. The surface energy of nanoparticles is greatly reduced when nanoparticles
agglomerate, and this lowers the content in the deposited coatings. At higher agitation rates, the
volume of nanoparticles reaching the cathode surface (mass transfer) increases thereby increasing
the overall content of nanoparticles in the coatings. Goto et al. [55] reported that for the range of the
experiment conducted, the nano diamond (ND) content in the coatings increased with increase in
the stirring speed as shown in Figure 5. Where pulse electrodeposition is conducted using sediment
deposition technique, agitation is a factor of TON/TOFF ratio, where TON and TOFF represent the time
intervals when the agitation is on and off. In this technique, the nanoparticles settle on the horizontal
cathode with aid from gravitational force. As such, the lower the TON/TOFF ratio, the higher the rate
of nanoparticle incorporation into the growing Ni–Co matrix [57].

Figure 5. Relation between stirring speed and nano diamond (ND) content of the coatings [55].

Excessive rotation is however detrimental to coating quality. Vigorous hydrodynamic forces are
generated at high agitation rates and these forces pluck out nanoparticles from the cathode surface
before they become successfully embedded in the growing matrix surface, leading to lower nanoparticle
content in the deposited coatings. This conclusion was reported by [26,58,59] who related the increase
in corrosion resistance up to a maximum value to an increase in electrolyte agitation rate, beyond
which it decreased with further increase in agitation rate.

3.5. Temperature

Shi et al. [60] postulated that there is a two-fold effect with respect to temperature. When
electrolyte temperatures are low, there is an increase in nanoparticle kinetic activity with a rise in the
temperature of the bath, and this boosts adsorption of nanoparticles into the metal matrix. Increasing
the temperature decreases the density and viscosity of the bath, thereby improving the mobility
of ions within the electrolyte. As such, coatings deposited at higher temperatures exhibit superior
properties owing to thicker coatings and higher nanoparticle contents than those deposited at lower
temperatures [53].

Temperature variation has also been reported to alter the size of crystals in the deposited coatings.
Prabu and Wang [53] reported that increasing temperature from 20 to 60 ◦C resulted in larger and

36



Materials 2020, 13, 3475

sharper crystals. This was attributed to increase in rate of reducible ion diffusion to the cathode with
an increase in temperature which decreased the polarization resistance. Research on the effect of
temperature on Ni–Co coatings shows that the deposition rate increases with increases in temperature
of the electrolytic bath [4]. Idris et al. [54] reported that, for Ni–Co coatings electrodeposited using high
speed jet electrodeposition, an increase in temperature from 55 to 65 ◦C (at 1 A/cm2 current density)
resulted in a subsequent increase in thickness of the electrodeposited coatings from 61.4 to 71.7 μm,
respectively. Similar increasing trends of the thickness with rise in temperature were observed at
current densities of 0.1, 0.3 and 0.5 A/cm2. This can be attributed to grain growth as a result of a free
growth mode of Ni resulting from the temperature rise.

When the temperature exceeds certain limits, thermodynamic ion movement is enhanced greatly,
and the nanoparticle’s kinetic energy increases. As a result, less nanoparticles become adsorbed into
the metal matrix. This conforms to Langmuir’s adsorption theory, where temperature increase beyond
certain levels has a negative effect on nanoparticle absorbability. As a result, the electric field and the
overpotential of the cathode are decreased, making it harder for nanoparticles to be embedded into the
coating. As such, lower contents of nanoparticles are observed in the deposited coatings.

3.6. Electrolyte pH

According to past research, it can be seen that the composition and structures of Ni–Co alloys
and their nanocomposites can significantly affect their physiochemical properties. The effect of pH
on Ni–Co deposits is predominantly dominated by three factors [61]: (i) the acidic environment in
the electrolyte dissolving newly deposited metal atoms on the cathode surface, (ii) metal hydroxide
formation and adsorption on the surface of the electrode, and (iii) normal electrodeposition of metals.
When the electrolyte pH is low, the newly deposited metal becomes dissolved at a faster rate and
formation and adsorption of metal hydroxides becomes depressed. In this case, the electrodeposition
process is mainly dominated by normal electrodeposition of metals and this results in lower Co2+

in the bath. At higher pH values however, the formation and adsorption of metallic hydroxides is
promoted, and the newly deposited metal dissolution becomes suppressed. For higher pH values, the
electrodeposition process is dominated by formation and adsorption of Co hydroxides on the cathode
surface and this produces higher Co contents in deposited coatings [62,63]. Tian et al. [61] reported a
gradual increase in Co content from 9.4% to 19.6% with an increase in the value of pH from 2.0 to 5.4.
pH value in the electrolyte has also been observed to affect current efficiency. An increase in current
efficiency from 52.1% to 81.2% was also reported with increase in pH from 2.0 to 5.4. Research linking
pH value to hydrogen evolution has also been reported. Increase in pH in Ni–Co-based deposits has
been associated with an increase the in hydrogen evolution rate, followed by creation of trace amounts
of Ni and Co hydroxides which hinder the growth of crystals [64].

3.7. Pulse Frequency

Increased pulse frequency has been reported to achieve good Ni–Co films with smooth surface
morphology and high microhardness, as well as better corrosion resistance of deposited coatings [5,37].
Pulse frequency has a significant influence on the morphology of the deposited coatings as well as the
content of nanoparticles. At higher pulse frequencies, smaller grain sizes are obtained. Bigger grains
tend to be more thermodynamically stable than smaller ones, and as such, an increase in OFF-time
causes the grain size to increase [65]. Similar findings were reported by Yang and Cheng [32]. This
was attributed to enhancement of the nucleation process by the SiC nanoparticles by providing electro
crystallization nucleation sites and retarding crystal growth. Furthermore, the content of SiC in the
Ni–Co/SiC nanocomposites increased with increasing pulse frequency. When pulse frequency levels
are higher, the overpotential generated is much higher, and this provides more energy for nanoparticle
adsorption into the coatings. As such, it can be concluded that higher pulse frequency offers better
properties for deposited coatings as a factor of increased nanoparticle content.
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3.8. Duty Cycle

When low duty cycles are used, the resulting coating is characterized by finer and more compact
structures than if higher duty cycles had been used. It has been reported that a low duty cycle increases
the microhardness and corrosion resistance of electrodeposited Ni–Co/SiC nanocomposite coatings.
This can be related to the increase in SiC nanoparticle content in the coatings at lower duty cycles [32].
With the increase in duty cycle, there is a transformation of the surface morphology from a branched,
acicular structure to a more nodular structure. It can therefore be concluded that lower duty cycles
offer the best properties for deposited materials.

4. Mechanism of Ni–Co–Nanoparticle Electrodeposition

The process starts with complete combination of Ni and Co in the electrolyte to form a solid
solution [66]. At the same time, the surfaces of nanoparticles suspended in the electrolyte adsorb
positive and negative ions (particle charging). The nanoparticles are then transferred by electrophoresis
force and gravitational force to the growing Ni–Co matrix where they become embedded into the
deposit. Ni–Co deposition is believed to be anomalous deposition where the content of the less noble
element (Cobalt in this case) is much higher than the concentration of the same element ions in the
electrolyte [16,67,68]. This could be attributed to the relatively fast kinetics related to cobalt deposition.
Moreover, the inhibition of nickel deposition in presence of cobalt ions is less likely as a result of
evolution of metal hydroxides [67]. Figure 6 shows the cobalt content in deposited Ni–Co coatings as a
function of Co concentration in the electrolyte [16].

 

Figure 6. Alloy composition as a function of Co2+ concentration in the electrolyte [16]. Reprinted from
Surface and Coatings Technology, 201, Meenu Srivastava, V. Ezhil Selvi, V.K. William Grips, K.S. Rajam,
Corrosion resistance and microstructure of electrodeposited nickel-cobalt alloy coatings/Pages No.
3051–3060, Copyright (2020), with permission from Elsevier.

Many models have been proposed concerning co-deposition of nanoparticles. Celis [69] suggested
that it was a five-step process which took into consideration the creation of an ionic cloud that engulfed
the nanoparticles, movement of the nanoparticles through the electrolyte and the diffusion layer. These
steps can be classified as: (i) formation of an ionic cloud on the surface of the nanoparticles from the
adsorbed ions; (ii) the charged nanoparticles are then transferred through the electrolyte bulk until
they reach the hydrodynamic boundary layer; (iii) through diffusion, the nanoparticles are transferred
en-masse to electrode surface; (iv) adsorption of electroactive ions and the free ions occurs on the
particles on the cathode; and (v) electroreduction of adsorbed ions occurs followed by incorporation
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of particles into the growing metal matrix [70]. Guglielmi’s model proposed that the adsorption
mechanism onto the cathode followed a two-step process for the charged nanoparticles. Firstly, the
charged nanoparticles are loosely adsorbed while still being engulfed in a film of adsorbed cations [69].

5. Baths Used in Electrodeposition Process for Ni–Co Coating

Ni–Co alloys have been synthesized using many different electrodeposition techniques: jet, direct
current and Pulse current electrodeposition techniques [5]. With the said techniques, researchers have
also used different types of electrolyte baths during electrodeposition such as sulfate, sulfamate, and
chloride solutions [21,22,71].

5.1. Chloride Baths

Many researchers over the years have used chloride baths to electrodeposit Ni–Co alloys and
nanocomposites. Nickel chloride added to the chloride baths provides Cl− ions which are essential for
efficient dissolution of the nickel anode [72]. Fan and Piron [67] studied anomalous electrodeposition
of Ni–Co alloy on Cu substrates using complex citrate and simple chloride baths. It was reported that
the Ni–Co electrodeposited using the chloride baths exhibited anomalous deposition where the content
of Co was higher than in the complex citrate bath. This was attributed to preferential deposition of Co
which was more reactive (less noble) than Ni. It was also found that simple chloride baths were better
suited at electrodepositing at current densities as low as 0.1 mA·cm−2.

5.2. Sulfate Baths

Sulfate-based baths offer good electrodeposition prospects owing to their relative affordability
compared to other baths and their ability to deposit high Co content coatings [64]. These baths contain
both sulfate compounds as well as Ni chloride. The Ni chloride acts an additional source of Ni2+ ions
in the electrolyte and this influences the thickness of the deposited coatings. The Cl− ions from the Ni
chloride increases conductivity of the electrolyte solution by causing dissolution of Ni anodes [72,73].
Internal stresses in deposited coatings have been observed to decrease where chlorides are absent
in electrolytes. Absence of Cl− ions is favorable in processes where the consumable anodes remain
unused. However, they are used together with other reactive agents where the anodes are consumed
during the electrodeposition process [74,75].

5.3. Sulphamate Baths

Sulphamate and sulphamate–sulfate baths have been reported to deposit qualified and coherent
Ni–Co structures [68]. For the case of high-speed electrodeposition, nickel sulphamate baths containing
boric acid have been preferred over watts baths because of the ease of obtaining relatively thicker
coatings with less internal tensile stresses [76]. Ni–Co coatings deposited from sulfamate–sulfate baths
have been reported to have smoother and finer surfaces and this can be attributed to lower stresses
being generated in coatings deposited with these baths [68].

6. Additives

Additives are added into the electrolyte bath during electrodeposition to increase the range of
current density, change physical and mechanical properties, reduce the size of crystallites by reducing
growth, increase the coating’s luster, reduce nanoparticle agglomeration, and reduce internal stresses
generated during the deposition process [35].

6.1. Boric Acid

In 1916, Watts O.P. formulated and optimized an electrolyte comprising of nickel sulfate, nickel
chloride and boric acid. This formula commonly known as Watts solution has been used extensively in
nickel electrodeposition and its developmental impacts cannot be overstated [72]. The effect of boric
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acid in Nickel plating baths during electrodeposition has been researched over the years and the results
can be summed up into six views:

(a) Boric acid suppresses oxygen evolution. Gadad and Harris [77] researched on oxygen
incorporation in electrodeposited Mi, Fe and Ni–Fe alloy coatings. It was reported that an
increase in applied current density resulted in an increase in the content of oxygen in Ni coatings
and this posed a detrimental effect to the magnetic and electrical properties of the coatings.
Addition of boric acid reduced the oxygen incorporation in all three electrodeposition systems,
with less than 2 wt% oxygen observed in all cases. The buffering effect is not attributed directly to
the boric acid but more to the complexing ability of boric acid with metal ions in the electrolyte.

(b) Boric acid promotes deposition of Nickel by acting as a catalyst. The adsorptive interaction of
boric acid has also been observed in Ni–Zn alloy coatings where boric acid increased the current
efficiency of the system at lower Zn (II) concentrations and increased the Ni content of the coatings
at higher Zn (II) concentrations [78]. Significant change in primary nucleation rate coupled with
suppressed secondary nucleation on coatings was also reported. Cyclic voltammetric deposition
results have shown that the hydrogen evolution rate (HER) increases relative to the increase in
boric acid concentration.

(c) Boric acid as a pH buffer. In electrodeposition, the practical buffer range is given at pKa ± 1,
but this value is much higher in the case of boric acid (9.23 ± 1 at 25 ◦C). This is an anomaly
considering the pH of the Ni electrolyte is 4.0. The anomaly can be attributed to formation of
weak bound complexes between nickel ions and boric acid, such that the said complexes act as pH
buffers [79,80]. The presence of these complexes however, has yet to be confirmed experimentally.
This pH buffering phenomena has been found to be significantly influenced by the applied current
density. Tsuru et al. [76] reported that at lower current densities (below 1.0 A dm−2), the pH
buffering properties of boric acid were exhibited.

(d) Suppression of hydrogen evolution by boric acid. During electrodeposition, electric current
flowing through the system causes an increase in pH and as a result, hydrogen gas is produced at
the cathode. Hydrogen evolution at the cathode is detrimental to the reduction of metal ions, and
therefore boric acid is added into the plating bath solution to prevent electrode surface passivation
as well as act as a surface agent which acts as a selective membrane to block passage of the
reduction of Nickel, while permitting the reduction of iron in a retarded state. Improving the
electrodeposition current density range thereby minimizes the effect [81]. Yin et al. [82] suggested
that boric acid acted like a surfactant which was adsorbed onto the surface and hinders hydrogen
evolution. The adsorbed boric acid interferes with the alloy nucleation process thereby reducing
the hydrogen evolution rate in Ni-enriched phases [82]. It should be noted that the hydrogen
evolution suppressing properties of boric acid have only been observed in presence of nickel ions
and this suggests that there exists a mutual interaction between nickel and boric acid [76].

(e) Reduction of passive film formation by boric acid during Ni electrodeposition. Boric acid
was found to significantly deter surface passivation on Ni reduction in Fe–Ni setups [82].
Tsuru et al. [76] suggested that, by acting as a surface agent, boric acid hindered passivation of
the electrode surface during reduction of nickel.

(f) Accelerating growth rates of deposits. Boric acid improves the lateral as well as the outward
growth rate during deposition of nickel [83].

It has also been reported that coatings electrodeposited in electrolytes containing boric acid exhibit
better appearance coupled with reduced brittleness [81].

6.2. Surfactants

Nanoparticle stabilization in the electrolyte and non-agglomerated nanoparticle dispersion are key
elements of producing Ni–Co nanocomposite coatings with excellent properties. Surfactants such as
cetyltrimethylammonium bromide (CTAB) [84–86], sodium dodecyl sulfate (SDS) [87,88], and sodium
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lauryl sulfate (SLS) [89] are added into the Ni–Co nanocomposite coating baths to prevent nanoparticle
agglomeration by reducing the electrolyte’s surface tension to create smaller hydrogen bubbles thereby
limiting pitting effect [35]. Surfactants of cationic and anionic nature are commonly used owing to their
significant influence on ceramic-based nanoparticle dispersibility. Surfactants added into the bath work
by changing the cathode polarization potentials, thereby changing the adhesion, smoothness, grain
growth rate, and grain size of the deposited coatings [90]. Several researchers have used optimum
quantities of different surfactants and reported improvement in corrosion resistance and mechanical
properties [91].

Different surfactants have different effects on different nanoparticles. It was reported that CTAB
surfactant offered a better alternative over SDS and triton X when they were compared in deposition of
SiC nanoparticles using the PRC technique [92] and the PC technique [35]. However, the advantage
offered by surfactant addition is not limitless. When the concentration of a surfactant exceeds a certain
limit, it becomes counter-productive. Ger M [93] observed that excessive CTAB surfactant increased
nanoparticle’s adhesive force which resulted in deposition of coarser SiC nanoparticles.

6.3. Saccharin

Addition of saccharin results in an increase in alloy deposition overvoltage which promotes
deposition of Ni while hindering that of Co, and as such the resulting Ni–Co coatings exhibit reduced
Co content [4,94]. Research shows that surface morphologies of Ni–Co coatings exhibited colony-like
morphologies which consist of grain morphologies where several grain colonies converge to form one
larger colony. As such, grain size is greatly reduced owing to the grain refinement phenomena. This is
achieved by inhibition of pyramidal growth by saccharin thereby leading to the production of shiny,
smooth surfaces [94]. This concurs with Weil and Cook [95] who reported that addition of organic
additives such as coumarin and thiourea into the Ni–Co electrolytes hindered the growth of pyramids,
caused surface roughness reduction, grain size reduction and increased surface brightness.

Increase in saccharin content in the coatings up to a certain value also improves the microhardness
of Ni–Co coatings beyond which the microhardness reduces with increase in saccharin content.
Li et al. [94] reported that increase in saccharin content to 3 g/L, 4 g/L and 5 g/L resulted in increased
microhardness values of 456 kg/mm2, 507 kg/mm2 and 554 kg/mm2, respectively. This conclusion was
also reached by Wang et al. [96]. The increase in microhardness with increase in saccharin content to a
certain value can be attributed to grain refining effect, and the decrease in microhardness beyond that
level of saccharin can be attributed to the inverse Hall–Petch relationship when refining of grain size
reaches a certain level [97]. The drawback to adding saccharin to the electrolyte is the reduced ductility
of the resulting Ni–Co coatings owing to the sulphur and carbon impurities that are usually present in
saccharin laden nanocrystalline coatings. The said impurities separate into grain boundaries thereby
preventing the efficient sliding of grain boundaries and hence the low ductility [98].

Saccharin has been reported to act as an internal stress reliever in electrodeposited Ni–Co coatings
and this has been attributed to grain refinement. Internal stresses are developed within the coating layer
during the electrodeposition process and they cause oriented resultant strain in deposited coatings.
Hydrogen ion reduction occurs at the cathode, and the small sized H+ promote favorable conditions
for diffusion to the coating’s active centers. As the H+ become transformed into H molecules, internal
stresses are developed as the volume changes. They are classified into three main categories [99–102]:

(i) Macroscopic stresses. These are caused by inhomogeneity in the deposited coatings. These
comprise of either compressive or tensile stresses and they occur in galvanic cells.

(ii) Microscopic stresses. These originate at grain boundaries and at locations where dislocations
accumulate.

(iii) Sub-microscopic stresses.

While internal stresses have been known to improve hardness and abrasion resistance of deposited
coatings, at high levels, these stresses increase the coating’s brittleness. Brittle coatings develop
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extensive microcracks which expose the substrate surface to corrosive attack and degradation when
exposed to a corrosive medium. The saccharin molecules are reversibly adsorbed on active sites
thereby hindering growth of crystals and impeding surface diffusion of adatoms. As such the volume
of grain boundaries increases and this dissipates the energy created by internal stresses [103].

Saccharin has been employed in tensile research of electrodeposited Ni–Co nanocomposite
coatings. Wang et al. [96] reported that PC deposited Ni–Co/Al2O3 nanocomposites containing
saccharin exhibited low-temperature superplasticity, where a maximum elongation of 632% was
achieved at a strain of 1.67 × 10−3 s−1 and a temperature of 823 K. The dominant superplastic
accommodation process was taken to be dislocation glide.

7. Properties of Electrodeposited Ni–Co Coatings

7.1. Microstructure

As stated earlier, Ni–Co coatings deposition is anomalous. This can be explained as a function of
local pH increase resulting in creation and adsorption of metallic hydroxides, as well as a faster rate
of cobalt hydroxide adsorption [104], deposition of Co cations (first step) followed by Ni deposition
(second step) in a two-step process [105], and preferential Co element deposition which causes the
diffusion layer to become depleted [4]. Ni–Co alloys with up to 58 wt% cobalt content exhibit the
single phase of Ni matrix with FCC type of phase structure. When the cobalt content is in the range
between 64 wt% to 80 wt% the phase structure becomes a combination of FCC and HCP as shown in
Figure 7 [68].

Figure 7. X-ray diffraction (XRD) patterns of Ni–Co films deposited from the electrolytes containing
different Co concentrations [68]. Reprinted from Applied Surface Science, 258, Ali Karpuz, Hakan
Kockar, Mursel Alper, Oznur Karaagac, Murside Haciismailoglu, Electrodeposited Ni–Co films from
electrolytes with different Co contents/Pages No. 4005–4010, Copyright (2020), with permission
from Elsevier.
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Ni–Co alloys with Co content above 80 wt% exhibit complete HCP phase structure [16,40,68].
Ni–Co alloy surface morphologies are significantly influenced by the coating’s chemical composition.
Rafailovic et al. [106] researched the mechanical properties of Ni–Co alloys deposited on Cu substrates.
It was reported that a platelet structured morphology was formed for coatings with a Ni2+/Co2+ ratio
of 0.25 at 65 mA cm−2. The surface morphology exhibited enhanced dendritic growth when the ratios
were 0.5 and 2. At the highest Ni2+/Co2+ ratio of 4, the surface morphology exhibited cauliflower
structure as shown in Figure 8.

  
(a) (b) 

  
(c) (d) 

 
(e) 

Figure 8. SEM micrographs of Ni–Co deposits obtained at a current density 65 mA cm−2 from an
electrolyte with different Ni2+/Co2+ concentration ratio: (a) 0.25, (b) 0.5, (c) 1, (d) 2 and (e) 4 [106].
Reprinted from Materials Chemistry and Physics, 120, L.D. Rafailovic, H.P. Karnthaler, T. Trisovic, D.M.
Minic, Microstructure and mechanical properties of disperse Ni–Co alloys electrodeposited on Cu
substrates/Pages No. 409–416, Copyright (2020), with permission from Elsevier.

The microstructure of electrodeposited Ni–Co-based coatings is affected by evolution of hydrogen
gas at the cathode. Hydrogen is a by-product of the electrodeposition process owing to the breakdown
of water molecules in the plating solution during the electrodeposition process. This holds both an
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advantageous and detrimental effect depending on the desired output of the process. Hydrogen
offers a promising versatile, efficient, and clean candidate for use as an energy source to replace
commonly used fossil fuels which cause CO2 emissions that are harmful to the environment [107–109].
Hydrogen can be successfully generated using the less efficient (higher operating cost) alkaline water
electrolysis [110,111], or using low hydrogen evolution reaction (HER) overpotential electrodes [112].
Ni-based alloys and compounds form such electrode materials owing to their low cost coupled
with high catalytic activity and stability [113]. In the case of depositing quality coatings however,
the evolution of hydrogen gas is detrimental to the structure, hence the critical need to control its
production. The synthesized hydrogen gas attaches to the surface of the base metal creating a blanket
of air that inhibits nucleation and deposition of the coatings and this causes poor adherence leading
to non-uniform coatings [114]. The hydrogen evolution phenomenon has been reported to be more
significant at higher current densities, owing to lower hydrogen overpotential where numerous gas
pits are formed on the coating surface as a result of the hydrogen produced [112].

7.2. Mechanical Properties

Microhardness in electrodeposited Ni–Co coatings increases with an increase in Co content in the
coatings. Baghal et al. [115] reported similar findings when the microhardness of Ni–SiC coatings was
compared to Ni–Co/SiC coatings as a function of increasing current density, as shown in Figure 9.

Figure 9. The effect of current density on microhardness of Ni–Co/SiC and Ni/SiC coatings [115].
Reprinted from Surface and Coatings Technology, 206, S.M. Lari Baghal, M. Heydarzadeh Sohi,
A. Amadeh, A functionally gradient nano-Ni–Co/SiC composite coating on aluminum and its tribological
properties/Pages No. 4032–4039, Copyright (2020), with permission from Elsevier.

Enhancement of micro-hardness in Ni–Co alloy coatings as a function of Co content can be linked
to the (i) grain size reduction, (ii) phase composition, where two-phase structures are formed, and (iii)
solid solution strengthening [16,20,116]. Babak [12] reported similar observations where coatings up to
45 wt·% Co were characterized solely by FCC lattices. No other phase was observed from the XRD
pictographs and it was suggested, therefore, that the effect of phase composition on microhardness of
the said coatings was not significant. This was held as evidence that solid solution hardening played a
key role in the microhardness of the deposited Ni–Co coatings. The grain size of deposited Ni–Co
alloy coatings decreased gradually with increase in content of Co element in the coatings [12].

The wear rate of deposited Ni–Co coatings has been observed to decrease with increase in Co
content in the deposits. The phenomena can be associated with increase in microhardness with increase
in Co content. A relationship exists between wear rate and microhardness of a coating, called Archard’s
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law, which provides that the sliding wear volume loss is directly proportional to friction coefficient
and inversely proportional to the hardness of the material [117]. This relationship can be seen in
Figure 10 [60].

Figure 10. Microhardness and wear rate of the nanocomposite coating vs. weight percentage of
co-deposited SiC particulates in the nanocomposite coating [60]. Reprinted from Applied Surface
Science, 252, Lei Shi, Chufeng Sun, Ping Gao, Feng Zhou, Weimin Liu, Mechanical properties and wear
and corrosion resistance of electrodeposited Ni–Co/SiC nanocomposite coating/Pages No. 3591–3599,
Copyright (2020), with permission from Elsevier.

In some instances, however, the wear rate decreases with decrease in microhardness, a deviation
from Archard’s Law. This is concurrent with findings reported by Wang et al. [20] where the decrease
in wear rate beyond 49 wt% with a concurrent decrease in microhardness from 462 HV to 298 HV
was attributed to changes in the phase structure. As Co content increases, the phase structure of the
deposited Ni–Co coatings changes from solely FCC structure, to FCC coupled with HCP structure,
and when the Co content goes beyond 80 wt% (See Figure 7), the phase structure is transformed to a
predominantly HCP structure. This transformation in phase structure to a higher ratio of HCP causes
a decrease in the coefficient of friction (COF) of the deposited Co-rich coatings and therefore decreased
wear loss [20]. As such, the decreasing wear rate was associated with the decreasing coefficient of
friction (COF). This is shown in Figure 11.

Magnetic measurements done on electrodeposited Ni–Co coatings show that Co content has
significant influence on the magnetic and structural properties of the coatings. Increase in Co content in
the coatings results in a gradual increase in the saturation magnetization. This conclusion is concurrent
with Karpuz et al. [68] where the highest in-plane saturation magnetization of 1000 emu/cm3 was
achieved at the highest contents of Co (80%). The same trend was also reported by [118].

Coatings improve the performance of the component by isolating the material’s structure from
the environment. Different substrate materials have been used for deposition of Ni, Ni–Co, and
Ni–Co-nanocomposite based coatings ranging from steel, aluminum, to copper [106,115]. Failure
of systems is usually associated with substrate–coating interface failure owing to the differences in
mechanical and physical properties. Coating adhesion plays a key role in a surface’s wear resistance
and it is measured through friction testing where the friction abruptly changes when the coating
breaks, also known as the critical load point. As such, a larger critical load indicates stronger coating
adhesion [119]. Different mechanisms aimed at improving the critical load have been researched over
the years. Wei et al. [120] reported that use of the magnetic jet electrodeposition technique (MJE)
yielded a higher adhesion compared to traditional jet electrodeposition technique (TJE). At 4 g/L, TJE
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technique had a maximum adhesion of 23.58 N compared to 33.20 N under MJE technique as shown in
Figure 12.

Figure 11. Friction coefficient as function of Co content in the Ni–Co alloy deposit [20]. Reprinted from
Applied Surface Science, 242, Liping Wang, Yan Gao, Qunji Xue, Huiwen Liu, Tao Xu, Microstructure
and tribological properties of electrodeposited Ni–Co alloy deposits/Pages No. 326–332, Copyright
(2020), with permission from Elsevier.

Figure 12. Adhesion of the composite coatings [120]. Reprinted from Journal of Alloys and
Compounds, 791, Wei Jiang, Lida Shen, Mingyang Xu, Zhanwen Wang, Zongjun Tian, Mechanical
properties and corrosion resistance of Ni–Co–SiC composite coatings by magnetic field-induced jet
electrodeposition/Pages No. 847–855, Copyright (2020), with permission from Elsevier.
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The adhesion of Ni–Co binary alloys can be further improved by incorporating nanoparticles into
the matrix such that the effective area of contact between the substrate and coatings is increased, and the
dispersion strengthening mechanism of the nanoparticles improves the coating’s adhesion [121,122].
Another concept that has been considered for adhesion improvement is functionally graded materials
(FGMs), whereby interfacial problems are mitigated by controlling progressive changes in structure
and properties [123].

Ni–Co-nanocomposite coatings deposited at high current densities have exhibited higher surface
roughness. This can be traced to adsorption of nanoparticles into the coating surface coupled with
formation of pits and crevices as a result of an increase in hydrogen evolution rate at high current
densities. Similar observations were made by Dheeraj et al. [35] where a surface roughness of 2.31 ±
1.78 μm was reported for sample S3 which represented coatings deposited at higher current densities.

7.3. Corrosion Behaviour

The corrosion behavior of electrodeposited Ni–Co alloy can be attributed to: chemical composition,
grain size, preferred orientation, and phase structure. In the case of chemical composition, it has
been reported that formation of Ni–Co alloy can change the nobility of the materials thereby affecting
corrosion resistance [124]. Co is less noble that Ni, that is, it is more reactive compared to Ni. Therefore,
increasing the Co content is bound to produce coatings with greater electrochemical activity than that of
purely Ni coatings [125]. The polarization resistance of Ni–Co alloys has been reported to increase with
increase in Co content up to a given limiting value, beyond which the corrosion resistance decreases
with further increase in Co content. This is concurrent with findings reported by Babak et al. [126]
where Ni–17Co coatings exhibited better corrosion resistance (10.08 kΩ cm2) compared to Ni–42Co
alloy coatings (3.32 kΩ·cm2) as shown in Figure 13.

Figure 13. The potentiodynamic polarization curves of the Ni–Co alloy coating as a function of the
cobalt content [126]. Reprinted from Applied Surface Science, 307, Babak Bakhit, Alireza Akbari, Farzad
Nasirpouri, Mir Ghasem Hosseini, Corrosion resistance of Ni–Co alloy and Ni–Co/SiC nanocomposite
coatings electrodeposited by sediment codeposition technique/Pages No. 351–359, Copyright (2020),
with permission from Elsevier.

The phase structures of Ni–Co binary alloy coatings have been observed to consist of FCC
single-phase solid solutions [12,126]. In the case of the coating’s materials microstructure, single phase
structures have proven more corrosion resistant than two-phase structures. Corrosion attacks usually

47



Materials 2020, 13, 3475

occur along grain boundaries (between phases) owing to the galvanic cells that are created between the
phases and their higher levels of energy compared to parts located within the crystal itself. Moreover,
base centered cubic (bcc) phases have lower corrosion resistance compared to face centered cubic (FCC)
phases as a result of their lower packing factor.

As a factor of preferred orientation, it has been reported that Zn–Ni alloys exhibit high corrosion
resistance owing to crystallographic planes being predominantly present with higher packing
densities [127]. Babak et al. reported that Ni–17Co alloy coatings exhibited high corrosion resistance as
a function of predominantly (111) preferred orientation. Lupi et al. [66] found that electrodeposited
Ni–Co alloys containing 40%–50% Co content provide the best catalytic properties of the alloy for the
reaction leading to evolution of hydrogen in alkaline media.

8. NiCo–Ceramic Composites

Nanoparticles have been added to the Ni–Co matrix to further improve the properties. Ni–Co
nanocomposite coatings exhibit superior hardness and wear resistance to alloy coatings. This can
be attributed to inherent hardness of nanoparticles used, coupled with nanoparticle strengthening
through Orowan mechanism [30]. According to this mechanism, the adsorbed nanoparticles hinder
the formation and propagation of dislocations as the metallic matrix carries the load.

In some instances, the increase in Co concentration in the bath has been reported to improve
nanoparticle incorporation thereby improving coating properties such as corrosion resistance [30]. This
effect of nanoparticles can be linked to several factors:

(i) Reduction of exposed area open to corrosive media. Nanoparticles used in Ni–Co nanocomposite
electrodeposition are usually ceramics. When these nanoparticles are uniformly distributed in
the Ni–Co matrix, they minimize the metallic area that is exposed to corrosive attacks and, as a
result, the corrosion potential is shifted to nobler values [128].

(ii) SiC nanoparticles acting as physical barriers that hinder creation and propagation of corrosive pits.
(iii) Nanosized SiC particles which offer greater corrosion resistance than micro-sized particles when

used to deposit Ni–Co/SiC nanocomposites. Owing to their smaller sizes, such nanoparticles can
access structural defects such as porosities and cracks thereby mitigating the corrosive effect at
such locations.

(iv) Formation of micro-galvanic cells. The metallic matrix acts as an anode while the nanoparticles
act as cathodes when the Ni–Co nanocomposite coatings are exposed to corrosive media. Where
the metallic matrix’s electrochemical potential is less positive than that of the nanoparticles, the
corrosion mechanism of the micro–galvanic cells is transformed to uniform corrosion from pitting
and localized corrosion [126].

Other factors that may be associated with metallic alloy nanocomposite coatings include:
reinforcing phase induced hardening, texture evolution, grain refinement of the matrix, and solid
solution strengthening depending on selected matrix [129–131]. Wear resistance of Ni–Co alloy coating
is greatly improved by incorporation of nanoparticles in the matrix. This increase can be attributed
to the dispersion strengthening effect of adsorbed hard nanoparticles coupled with grain-refining
tendencies. The uniform dispersion in the matrix and to a small extent particle agglomeration may be
linked to improved wear resistance in Ni–Co nanocomposites. Similar conclusions were reached by
Shi et al. [60].

8.1. Effect of Al2O3 Nanoparticles

Al2O3 nanoparticles have inherent high corrosion resistance, and in the nano-scale range, can
efficiently contribute to porosity reduction, thereby further boosting the corrosion resistance of
deposited coatings [132,133]. Incorporation of Al2O3 nanoparticles into the Ni–Co matrix produces
nanocomposite coatings characterized by nodular, uniform, and compact morphology [26]. The content
of Al2O3 in the coatings increases with increases in Al2O3 concentration in the electrolyte. The same
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trend was reported by Borkar [31], with a maximum Al2O3 content being achieved with 40 g L−1

nanoparticle concentration, beyond which the content decreased. Ni–Co alloy coatings exhibit a face
centered cubic (FCC) crystal structure and the same has been reported for Ni–Co/Al2O3. However, the
crystal orientation of the resulting Ni–Co/Al2O3 nanocomposite coating undergoes transformation
from crystal face (200) lattice to (111) lattice [40].

Like with most Ni–Co nanocomposite coatings, adsorption of Al2O3 nanoparticles into the Ni–Co
matrix results in a subsequent increase in the coating’s hardness and wear to a certain maximum,
beyond which the coating becomes brittle and spalls off. Tian [26] concluded that an increase in Al2O3

nanoparticle concentration in the bath caused a subsequent increase in the corrosion resistance of the
Ni–Co/Al2O3 nanocomposite coatings up to a certain limiting value, suggesting that optimal operating
conditions and parameters are key to corrosion resistance maximization. This may be attributed to
uniform dispersion of Al2O3 nanoparticles in the Ni–Co matrix.

It has been suggested that Al2O3 nanoparticles may also improve deposition of Ni and Co
elements in the coatings [26]. Wear resistance is also higher for Ni–Co/Al2O3 compared to their alloy
counterparts and this too increases with increases in nanoparticle content.

8.2. Effect of SiC Nanoparticles

Ni–Co/SiC nanocomposite coatings exhibit a porous free and dense microstructure characterized
by uniformly distributed SiC nanoparticles throughout the deposited coating surface [126]. The
phase structure of Ni–Co/SiC nanocomposites is predominantly face centered cubic. Silicon carbide
(SiC) is a chemically inert semi-conductor material [134]. Embedding of SiC nanoparticles causes
a significant improvement in the corrosion resistance, wear resistance and microhardness of the
deposited coatings [31]. Babak [126] reported the same findings, with the highest corrosion resistance
achieved with coatings containing 8.1 vol.% SiC nanoparticles.

In the case of Ni–Co/SiC nanocomposite coatings, it has been observed that the concentration of
Co element in the electrolyte has a significant effect on SiC content, whereby SiC content increases
considerably with increasing Co element concentration. Babak [135] reported that SiC content
increased from 2.0 vol.% to 8.1 vol.% with increases in the concentration of Co in the electrolyte. This
phenomenon was attributed to ease of Co2+ cations adsorbing on nanoparticle surfaces compared to
Ni2+ cations. Therefore, there was an increase in the adsorbed positive charge on the surface of the
SiC nanoparticles as the Co element concentration increased. Generally, mass transfer of positively
charged SiC nanoparticles towards the cathode surface is enhanced since there is an increase in the
electrophoresis force exerted on them [28]. However, when the metallic cations become saturated
on the SiC nanoparticle surface, a decrease in SiC content with increasing Co element concentration
is observed.

Wear rate has been reported to increase with increases in SiC nanoparticle content in Ni–Co
matrices [60]. As more content of SiC nanoparticles is added into the coatings, the grain refining
and dispersion strengthening effects become magnified thereby improving the wear resistance of the
nanocomposite coatings.

8.3. Effect of ZrO2 Nanoparticles

ZrO2 nanoparticles are known for their fracture toughness, stress induced transformation, and
strength [136–138]. As such, they are an important consideration in nanocomposite coating deposition
for wear protection in environments at high pressure and high temperature. Ni–Co/ZrO2 nanocomposite
coatings also exhibit high hardness and excellent corrosion resistance.

9. Applications

Electrodeposited Ni–Co alloys and nanocomposites exhibit unique properties and, as such, they
are used for a wide variety of industrial applications. Their combined reduced localized corrosion and
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microhardness greatly improves protective coating performance. These coatings can therefore be used
to protect less wear resistant and softer substrate surfaces for use in industry.

Karpuz et al. [68] reported that Ni–Co coatings electrodeposited from baths containing nickel
sulfamate, boric acid and cobalt sulfate have potential for application in magnetic sensors. These
magnetic properties of deposited Ni–Co coatings and their nanocomposites offers attractive potential
to serve as soft magnets for motors, power supplies and high-efficiency transformers [3].

Ni–Co hydroxide nanosheets have been identified as candidates for pseudocapacitor application
to meet the ever-growing demand for new energy storage devices. Pu J, et al. [139] researched on
Ni–Co layered double hydroxides (LDHs) nanosheets and reported that the nanosheets exhibited
excellent specific capacitance of 1734 F g−1 at 6 A g−1. The nanosheets also exhibited better stability
with a capacitance retention of 86% in the galvanostatic charge–discharge test after 1000 cycles.

10. Future Scope and Recommendations

Key areas that have been identified for future additional research include [140,141]:

(i) Corrosion resistance behavior in varying environments, such as steady and dynamic conditions.
(ii) Tribological properties such as dry and wet abrasive behavior under controlled loads.
(iii) Electroless deposition of Ni–Co coatings, which offers a more competitive and specialized option.
(iv) Thermal oxidation resistance of Ni–Co alloy matrices.
(v) More efficient electrolyte agitation techniques such as submerged jet impingement and flow cells,

jet eductors, and ultrasound.
(vi) Extensive research on hydrogen evolution mitigation in electrodeposited Ni-based coatings by

using pulse electrodeposition and additives.
(vii) Use of response surface methodology to optimize the Ni–Co electrodeposition process and

increase accuracy of the desired properties and also predict tested properties.

Hydrogen evolution affects the coating structure of deposited coatings. Several approaches have
been used with different materials to great success. Kannan and Wallipa [114] coated a magnesium alloy
with calcium phosphate using constant-potential and pulse-potential methods and analyzed the in vitro
corrosion resistance properties. It was reported that the polarization resistance of pulse-potential
deposited coatings was three times higher than that exhibited by constant-potential deposited coatings,
and this was associated with the calcium phosphate particles being closely packed for pulse-potential
coatings. This provides an interesting approach that can be researched on using Ni and Ni–Co
based coatings.

Several other hypotheses have been postulated for the mitigation of hydrogen evolution in the
electrodeposition process in different coatings. In past research, an organic solvent (ethanol) was
added to the electrolyte bath to slow down hydrogen evolution on a magnesium alloy by decreasing
conductivity of the plating solution, resulting in decreased hydrogen bubble bursting rate and hence
a highly dense coating was deposited [142]. This approach of slowing down hydrogen evolution
by decreasing the conductivity, however, results in lower deposition rates. Metal deposition utilizes
the OH− ions generated during H2O breakdown whereby the metallic ions are reduced to form the
metal. The mechanisms for hydrogen generation and metal-hydroxyl ion adsorption are shown in
Equations (14)–(18) [143,144].

2H2O + 2e− = H2 + 2OH− (14)

2H + 2e− = H2 (15)

M2+ + OH− = M(OH)+ (16)

M(OH)+ →M(OH)+ads (17)

M(OH)+ads + 2e− = M + OH− (18)
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where M can be Ni or Co ions. As such, a balance must be struck between the rate of hydrogen evolution
and the deposition rate, and this offers an interesting area for research and application in Ni and Ni–Co
based electrodeposited coatings. Other additives used include polyethylene glycol and di-sodium
ethylenediamine tetraacetic acid (EDTA) in pulse copper deposition, and it has been reported that this
improves the throwing power, current efficiency, and thickness of deposited coatings [145]. These
additives can also be considered for electrodeposited Ni and Ni–Co based coatings.

It is advisable to use larger sample sizes because they hinder the manifestation of edge effects that
are common in smaller sample sizes. This is especially common where the current density used is high
with respect to the substrate’s surface area.

The adhesive force that exists between the substrate and the coatings plays a major role in the
wear resistance of the material. As such, ensuring a good bond exists between the deposit and
substrate surface is key. Copper electrodes tend to exhibit better adhesive properties compared to
their steel counterparts, but they are also more costly. Using a pre-treatment step offers the chance
to improve this bond, especially where the substrate is made of steel. From personal experience, a
triple immersion procedure of electronic cleaning can be used for better adhesion. This comprises
of degreasing using electro-hydrostatic fluid, then removal of oxide layer by passing the substrates
through a strong activating solution, and finally removal of carbon-black by passing the substrates
through a weak activating solution [49]. A similar pre-treatment process has been used in other
coatings like Ni–W nanocomposite coatings with good adhesion translating to superb wear resistance
achieved [146]. This pre-treatment process provides interesting possibilities for future use in Ni–Co
alloys and nanocomposites. De-ionized water should be used to clean the substrate surface after each
pre-treatment step.

Research shows that orientation of electrodes in the electrolyte plays a major role in the deposition
process. Results obtained from Ni–Co deposition suggest that the sediment deposition technique (SCD)
is more favorable compared to conventional deposition technique. Ni–Co alloy and nanocomposite
coatings deposited from the SCD technique have exhibited superior properties of higher Co content
and higher nanoparticle content which translate to better microhardness, and improved wear and
corrosion resistance of the deposited coatings. As such, selection of SCD in DC electrodeposition of
Ni–Co composites should be considered for further research. Based on current trends, it can be seen
that owing to their exceptional wear resistance and corrosion properties, deposited Ni–Co alloys and
their nanocomposites are strong contenders for further application in the aviation industry, for use in
jet engine fabrication, automotive engineering, textiles and general engineering. In recent years, a keen
interest has developed in specialized engineering where deposited coatings consist of mixed functional
properties, as well as deposition of superhydrophobic surface coatings which exhibit excellent wear
and corrosion resistance, better self-cleaning and good tribological properties.

In essence, nanoparticles can be selected to match the desired properties of any coating, and with
such capacity for discovery coupled with the ever-growing need of better material properties, the
possibilities for future applications are endless.
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Abstract: Complex metallic alloys (CMAs) are materials composed of structurally complex intermetal-
lic phases (SCIPs). The SCIPs consist of large unit cells containing hundreds or even thousands of
atoms. Well-defined atomic clusters are found in their structure, typically of icosahedral point group
symmetry. In SCIPs, a long-range order is observed. Aluminum-based CMAs contain approximately
70 at.% Al. In this paper, the corrosion behavior of bulk Al-based CMAs is reviewed. The Al–TM
alloys (TM = transition metal) have been sorted according to their chemical composition. The alloys
tend to passivate because of high Al concentration. The Al–Cr alloys, for example, can form protective
passive layers of considerable thickness in different electrolytes. In halide-containing solutions, how-
ever, the alloys are prone to pitting corrosion. The electrochemical activity of aluminum-transition
metal SCIPs is primarily determined by electrode potential of the alloying element(s). Galvanic
microcells form between different SCIPs which may further accelerate the localized corrosion attack.
The electrochemical nobility of individual SCIPs increases with increasing concentration of noble
elements. The SCIPs with electrochemically active elements tend to dissolve in contact with nobler
particles. The SCIPs with noble metals are prone to selective de-alloying (de–aluminification) and
their electrochemical activity may change over time as a result of de-alloying. The metal composition
of the SCIPs has a primary influence on their corrosion properties. The structural complexity is
secondary and becomes important when phases with similar chemical composition, but different
crystal structure, come into close physical contact.

Keywords: aluminum; transition metal; corrosion; quasicrystal; approximant

1. Introduction

Aluminum alloys are frequently used materials in many applications due to their
low specific mass, good mechanical properties, formability, high recycling potential and
superior corrosion resistance [1,2]. Two principal classifications of Al alloys exist: wrought
and casting alloys, both of which are heat-treatable and non-heat-treatable. Alloying
elements, including transition metals (TM), are often added to Al alloys to improve their
physical and mechanical properties [3]. Complex metallic alloys (CMAs) are materials
composed of structurally complex intermetallic phases (SCIPs). In SCIPs a long-range order
is observed. Well-defined atomic clusters are found in the structure, typically of icosahedral
symmetry. Such phases also include quasicrystals (QCs) characterized by an infinitely large
unit cell (often with icosahedral symmetry) and quasicrystalline approximants, whose unit
cell can be described by “classical” crystallography but contains hundreds to thousands
of atoms [4–8]. Aluminum-based CMAs contain approximately 70 at.% Al. Most Al-
based CMAs are alloyed with TM. However, non-transition metals like Mg, can also be
used. Depending on their chemical composition, the structural complexity may vary from
dozens of atoms per unit cell up to thousands of atoms. This group of materials has been
receiving a significant attention since the discovery of quasicrystals in melt-spun Al–Mn
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alloy by Shechtman et al. [4]. The discovery of quasicrystals was awarded by Nobel prize
in Chemistry in 2011.

In 1982, D. Shechtman discovered a quasiperiodic arrangement of atoms in an Al–
Mn alloy showing an icosahedral symmetry but no unit cell [4]. Many such compounds
correspond to stable or metastable states in various phase diagrams [5]. The icosahe-
dral phase, as the first quasicrystalline structure discovered in the Al–Mn system, has
a long-distance arrangement without translational symmetry [4–7]. Many elements in
thermodynamically stable QCs observed yet belong to alkali, alkali-earth, transition, or
rare-earth metals (Figure 1). Typical examples of QCs and quasicrystalline approximants
are Al–TM alloys, where the TM is formed by one or more transition metals (TM = Cu,
Co, Ni, Fe, etc.) [9]. Thus, the quasicrystalline materials are often low-cost materials that
are easy to produce in large amounts [5–7,9]. Examples of quasicrystalline phases are
summarized in Table 1 [7,8,10–24].

Figure 1. Chemical elements forming thermodynamically stable QCs. Main forming elements (Al, Ti, Zn, Cd) are marked
by orange color, alloying elements are denoted by green.

Table 1. Examples of quasicrystalline phases, compiled from references [7,8,10–23].

Quasiperiodicity Alloy Systems

one-dimensional quasiperiodic arrangement Al–Ni–Si, Al–Cu–Co, Al–Cu–Mn, Mo–V

two-dimensional octagonal quasiperiodic arrangement Cr–Ni–Si, V–Ni–Si, Mn–Si–Al, Mn–Si, Mn–Fe–Si

two-dimensional decagonal quasiperiodic arrangement

Al–Pd, Al–Ir, Al–Os, Al–Pt, Al–Rh, Al–Ru, Al–Fe, Al–Mn,
Al–Ni, Al–Ni(Si), Al–Cr(Si), Al–Co, Al–Cu–Mn, Al–Mn–Fe,

Al–Cu–Ni, Al–Cu–Co, Al–Co–Ni, V–Ni–Si, Al–Pd–Mn,
Al–Pd–Co, Al–Pd–Fe, Al–Pd–Cr, Al–Pd–Os, Al–Pd–Ru,

Ga–Fe-Cu–Si, Al–Mn–Fe-Ge, Zn–Ge–Dy

two-dimensional dodecagonal quasiperiodic arrangement V–Ni, Cr–Ni, V–Ni–Si

three-dimensional icosahedral quasiperiodic arrangement
Al–Fe, Al–Mn, Al–Re, Al–Ru, Al–W, Al–Mo, Ti–Ni, Al–Cr–Ru,

Mn–Ni–Si, Ni–Nb, Al–Cu–Mn, Al–Cu–Fe, Al–Pd–Mn,
Zn–Mg–Y

The atomic structure of QCs offers an interesting combination of properties, such as
low thermal conductivity combined with high electrical resistivity [25], low coefficient
of friction [26,27] and/or high hardness [28–30]. The CMAs have a large potential for
technical applications as the combination of the properties is unique and not observed in
conventional materials. Potential applications in thermoelectrics, coatings, composites, and
catalysts have been reported [5,9,31]. It has been shown that quasicrystalline materials
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may be more efficient catalysts compared to their crystalline counterparts. In 1994, a
superior catalytic activity of quasicrystalline Al–Pd alloy relative to crystalline Al–Pd, pure
Pd, and pure Cu was described [32]. Surface energies of icosahedral Al70Pd21Mn9 and
Al65Cu23Fe12 phases are comparable to polytetrafluoroethylene, and yet quite different
from pure aluminum and related crystalline materials. Studies revealed that surface energy
is decreasing by increasing structural perfection [33]. Considering the above fact, a direct
application of the quasicrystalline coatings as scratch resistant films is already on the
market, offering a lowered adhesion to some polymers or food [5].

Other possible applications of QCs are found in energy saving, namely thermal
insulation, light absorption, power generation, and hydrogen storage [34]. Thermal barrier
demonstrators could be assessed in real conditions during the aircraft engine test on the
ground. The design of selective quasicrystalline light absorbers takes advantage of the
specific optical properties, e.g., the Al65Cu23Fe12 alloy has solar absorbance of 90% [9,34].

The corrosion of Al-based CMAs is a relatively new field, with first investigations
emerging 28 years ago. Initial studies were focused on a small family of alloys. First,
corrosion parameters were reported for quasicrystalline Al–Cr–Cu–Fe and Al–Cu–Fe alloys
in aqueous Na2SO4 (0.5 mol dm−3) and in solutions of different pH [35]. The corrosion
behavior of the quasicrystalline Al–Pd–Mn alloy was later studied in aqueous NaCl [36].
Nevertheless, the experimental polarization curves have not been analyzed in terms of
electrochemical reactions. In later years, a more systematic approach to corrosion of
Al–based CMAs has been adapted. Alloys with carefully chosen chemical composition
and phase constitution have been prepared and investigated [37]. Furthermore, different
electrolytes were studied [37,38]. A good thermodynamic stability of the materials at pH
between 4 and pH 9 has been observed [37]. Several authors found that the electrochemical
properties of the materials are determined by their chemical composition rather than
by their complex crystal structure [37,39]. A high temperature oxidation of several Al-
based CMAs was also studied [40–42]. The presence of high Al concentration improves
the corrosion resistance of SCIPs [43,44]. Despite their practical potential, however, the
corrosion behavior of Al–TM SCIPs has not been systematically reviewed yet. In the
present work, we aim to provide a systematic review of aqueous corrosion behavior of
bulk Al-based CMAs and compare them with traditional alloys.

2. Crystal Structure of Quasicrystals and Their Approximants

The discovery of QCs changed the view of the composition of solids and prompted a
change in the definition of crystals. QCs contain such types of atomic arrangements whose
symmetry does not correspond to the “classical” rules of filling the three-dimensional space
with building units. The quasicrystalline arrangement contains a five-fold axial symmetry,
which was originally considered to be forbidden in classical crystallography. The original
definition, which specified the crystal as a material with a regular periodic arrangement of
building units, was changed after the discovery of QCs. At present, the crystal is defined as
a material with discrete diffraction peaks or as a material with a point diffraction pattern,
respectively [4,6–8,45].

The building blocks of QCs are mostly arranged in clusters. The clusters are composed
of several layers that are formed by individual atoms. Three main types of clusters are
known: Mackay, Bergman, and Tsai (Figure 2). The clusters differ from one another in
the different layering [4–9,46]. Clusters are composed of several shells. In the following
lines, three shells will be considered to describe both Mackay and Bergman clusters for
the sake of simplicity. The Mackay cluster (Figure 2a) with 54 atoms consists of an inner
icosahedron (12 atoms) followed by an icosidodecahedron with 30 atoms. The third shell is
an icosahedron with 12 atoms. The Bergman cluster (Figure 2b) differs from the Mackay
cluster in the second shell that is formed by a dodecahedron with 20 atoms. Thus, three
shells of the Bergman cluster consist of 44 atoms. The Tsai cluster (Figure 2c) has five shells
with 158 atoms. The first tetrahedron shell with four atoms sits inside a dodedahedron
(20 atoms). The dodecahedron is encased in an icosahedron (12 atoms). The icosahedron
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sits inside an icosidodecahedron with 30 atoms. The fifth shell is a rhombic triacontahedron
(32 atoms + 60 atoms in its edges) [46].

Figure 2. Models of Mackay (a), Bergman (b) and Tsai (c) clusters, reproduced from reference [46].

A one-dimensional Fibonacci sequence constitutes the simplest case of quasicrys-
talline arrangement [47]. In the Fibonacci sequence the sum of the two preceding numbers
forms the next number. The ratio of two consecutive numbers is close to
τ = (1 +

√
5)/2 = 1.61803398875 and is called the “golden ratio”. If two segments are se-

lected, with L representing a longer segment and S a shorter segment, then to form the
quasicrystalline arrangement, the shorter segment S is replaced by a longer segment L and
the combination SL replaces the longer segment L. This results in a following sequence

S → L → SL → LSL → SLLSL → LSLSLLSL → SLLSLLSLSLLSL (1)

The sequence (1) has features of order, but it is not periodically ordered. There are
sections SL and SLL, which alternate but do not repeat with regular periodicity. In fact, there
is no periodically repeating segment, a so-called unit cell, in the Fibonacci sequence [6,47].
Based on the Fibonacci sequence, it is possible to draw a one-dimensional quasicrystal
graphically (Figure 3). In Figure 3a, letters S and L correspond to shorter and longer
segments used in the Fibonacci sequence, respectively. Figure 3b shows the arrangement
of S and L segments according to the Fibonacci sequence. If the points dividing the line
into segments are atoms, a lattice with the quasicrystalline arrangement in one dimension
can be obtained. By adding the second and third dimensions, a simple example of a
quasicrystalline lattice can be drawn (Figure 3c).

Figure 3. One-dimensional quasicrystalline arrangement: structural segments (a), one-dimensional
quasiperiodicity (b), and simple quasicrystal in three-dimensional space (c).
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The quasiperiodic arrangement in two-dimensional space can be represented by
Penrose tiling [9,45]. This arrangement consists of two tiles that do not repeat periodically
in two-dimensional space. The construction is given by two basic units: a wider rhombus
with acute angle α = 2π/5 and a narrower rhombus with acute angle α = π/5. These tiles
are arranged in shapes with a five-fold axis of symmetry. As with the Fibonacci sequence,
the Penrose tiling is not arranged completely randomly. Basic repeating motifs, such as
a star with a 5-axis axis of symmetry, are found in the arrangement of tiles, but are not
repeated periodically. Such a star in the Penrose tiling may correspond to a cluster in a real
quasicrystalline arrangement.

In three-dimensional space, two types of rhombohedra form the three-dimensional
quasicrystalline arrangement containing elements with the icosahedral symmetry. This
arrangement is called icosahedral. In the structure of QCs, no unit cell repeating regularly
can be found. Thus, its size is theoretically infinite. In fact, the size of the whole grown
crystal is the size of the cell. These large unit cells are in contrast to other metallic materials,
whose unit cells are built from small number of atoms [48].

Two-dimensional QCs containing a quasicrystalline arrangement along two axes (in
one plane) can be further divided based on crystallographic rules of symmetry, which
are based on their diffraction patterns. There are octagonal QCs (O-type) with eight-
fold rotational symmetry, decagonal (D-type) with ten-fold rotational symmetry, and
dodecagonal (DD-type) with twelve-fold rotational symmetry [12]. The three-dimensional
QC, also called icosahedral QC (i-QC), is quasiperiodic along all three axes [49]. The
clusters usually comprise one of the icosahedral–shaped layers, or the entire clusters can
be arranged in the icosahedral shape. The presence of five-fold axes of symmetry in the
icosahedral structure is related to the point diffraction spectrum of the i-QC showing
ten-fold symmetry.

In addition to QCs, there are also arrangements with many atoms in the lattice along
with the presence of a cluster-based structure. The arrangements are called quasicrystalline
approximants. The QCs and the quasicrystalline approximants (schematic representation
given in Figure 4, [50,51]) may consist of equally formed clusters. While QCs have the
clusters arranged quasiperiodically in space (i.e., non-periodically), the quasicrystalline
approximants have clusters arranged with regular periodicity. Therefore, a unit cell is
present in the structure of the quasicrystalline approximant, which is periodically repeated
in three-dimensional space. However, a cluster in a quasicrystalline approximant structure
may also comprise icosahedron-shaped layers or other shapes with the presence of five- or
ten-fold axis of symmetry, and thus their structure may exhibit a diffraction pattern with a
hint of a ten-fold axis of symmetry despite the regular arrangement.

 

Figure 4. Schematic structure of quasicrystal (a) and quasicrystalline approximant (b) with denoted
star-shape corresponding to clusters in real structure. Quasicrystalline arrangement is represented by
Penrose tiling.
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In Figure 5, the comparison of electron diffraction patterns of both QC and quasicrys-
talline approximant is shown. The electron diffraction pattern of the QC (Figure 5a) has a
perfect five-fold symmetry. The electron diffraction pattern of a quasicrystalline approx-
imant (Figure 5b) with an orthorhombic unit cell has either two-fold or four–fold axis
of symmetry, but there are indications of five-fold symmetry related to the icosahedral
arrangement of atoms in clusters [10,11,52–59].

 

Figure 5. Comparison of electron diffraction patterns in [010] zone axis: decagonal quasicrystal in
Al–Co-Cu system (a), ε16 decagonal quasicrystalline approximant in Al–Pd–Co system (b).

The surface structure of SCIPs is significantly less understood compared to bulk [60,61].
Preliminary results show that the adsorption of small, covalently bonding molecules on
icosahedral quasicrystals is very similar to that of pure Al substrate. This is consistent with
other studies, which indicate that the surface termination of most SCIPs is Al-rich [60].
A scanning tunneling microscopy (STM) has been utilized to study the surfaces of Al–
Pd–Mn quasicrystals [62–64]. The STM permits a visualization of the local atomistic
surface structure. Specific planes of the bulk structure have been observed as surface
terminations [63]. The termination planes are characterized by high atomic density and
include elements with the lowest surface energy. Nevertheless, the interpretation of
individual STM images is challenging and often needs to be accompanied by theoretical
models of the surface [61]. Therefore, ab initio density functional theory (DFT) calculations
have been utilized to model quasicrystalline surfaces [65,66]. To perform the calculations,
a Vienna ab initio simulation package (VASP) has been used [66]. The atomic structure
model of the five-fold Al–Pd–Mn surface is derived from the icosahedral approximant
model. In the model, the surface was cut perpendicular to one of its pseudo-five-fold
axes. The cleavage position was selected to create high density surface layers consistent
with experimental findings. The resulting surface structure is characterized by Penrose
tiling [65]. Most tiling vertices coincide with the center of Bergman clusters.

3. Overview of Electrochemical Corrosion

The corrosion is a natural process that occurs when metallic materials are exposed to
aqueous environments [67,68]. When a metal is immersed in aqueous solution, its cations
spontaneously evolve on the metal–electrolyte interface and pass into the solution. During
reaction, the material microscopically dissolves. Along with the cations, electrons are also
released, and an electrical double layer is created at the metal–electrolyte interface [67]. The
release of electrons causes the metal to become electrically charged. As a result of reaction,
an electrode potential is established on the metal–electrolyte interface. After some time of
immersion, an equilibrium is restored at the electrolyte–metal interface.

An overview of the metal corrosion is presented in Figure 6. The corrosion leads to an
oxidation of metal and transfer of metal cations to the electrolyte. The oxidation occurs on a
metal surface at a specific site known as an anode (anodic reaction site, [67]). Electrons that
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are released by metal are subsequently consumed by either dissolved oxygen or hydrogen
cations in the electrolyte. The reduction reaction takes place at cathode (cathodic reaction
site). The relative sizes and locations of cathodic and anodic sites are important variables
influencing the overall corrosion rate. The sizes of cathodic and anodic areas may vary
greatly; from atomic scales to macroscopically large dimensions.

 

Figure 6. An elementary electrochemical corrosion cell on metal surface.

The metal oxidation is given by the following reaction

M → Mz+ + ze− (2)

The Gibbs free energy change (ΔGr) of the reaction is given as

ΔGr = −zFE (3)

In this equation, z is the number of electrons involved in the reaction, F is a Fara-
day’s constant (96 481 C mol−1), and E is the electrode potential. At standard conditions
(T = 298.15 K, p = 101 325 Pa), the standard Gibbs free energy of the reaction (ΔG0

r ) is related
to the standard electrode potential (E0)

ΔG0
r = −zFE0 (4)

Standard electrode potentials of metals are compared in Table 2. Since the Gibbs energy
is related to electrode potential (Equation (3)), the tendency of a metal to corrode in given
environment may be evaluated using E–pH plots. The diagrams have been calculated for
most metals by Pourbaix and are available in ref. [69]. Figure 7 displays the E–pH diagram
for Al–H2O system [69,70]. The plot indicates the stability regions of different phases
in aqueous solutions. The E–pH diagram shows four different regions where metallic
aluminum, aluminum cations (Al3+), aluminum hydroxide and complex anion [Al(OH)4]−
are stable. The region, where the metallic Al is stable, is labelled as immunity region. The
areas with aluminum cations and anions as stable species are marked as corrosive regions.
In these areas the corrosion occurs. The passivity region is where the solid hydroxide exists.
In this region, Al is protected by a passive layer. The E–pH diagram demonstrates that
corrosion takes place in both alkaline and acidic environments. The protective layer is
formed at pH 4–9 [71]. The diagram also shows that the equilibrium electrode potential
between [Al(OH)4]− and Al, shifts to less noble values with increasing pH.
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Table 2. Standard potentials, E0, for metal electrodes, compiled from reference [68].

Electrode E0[VSHE] a Electrode E0[VSHE] Electrode E0[VSHE]

Au/Au3+ +1.498 Ni/Ni2+ −0.250 Zn/Zn2+ −0.763
Pt/Pt2+ +1.200 Co/Co2+ −0.277 Ti/Ti2+ −1.630

Pd/Pd2+ +0.978 Cd/Cd2+ −0.403 Al/Al3+ −1.662
Ag/Ag+ +0.799 Fe/Fe2+ −0.440 Mg/Mg2+ −2.363
Cu/Cu2+ +0.337 Cr/Cr3+ −0.744 Li/Li+ −3.045

a Volts versus standard hydrogen electrode.

Figure 7. Equilibrium E–pH diagram of Al, replotted from [70].

Although E–pH plots are useful in determining the metal’s tendency to corrode in
the given environment, they do not provide a kinetic information. The rate of corrosion
therefore needs to be determined separately by experimental methods. Corrosion rates
are obtained either by weight loss measurements or electrochemical methods [67,68]. The
weight loss measurement is a simple experiment to determine corrosion rates. In the
experiment, a clean weighed piece of material with well-defined dimensions is exposed to
the corrosive environment for a sufficient period. The corrosion rate (vcorr) is then calculated
based on the recorded weight loss according to the following equation [19,20]

vcorr =
Δw
St

(5)

In this equation, Δw is the weight loss, t is the reaction time and S is the exposed
surface area.

Weight loss measurements, although useful, can be time-consuming and may not
provide a complete information about reaction mechanism. Electrochemical techniques are
therefore widely used to study the corrosion mechanisms of metals in different electrolytes.
A potentiodynamic polarization is an electrochemical technique where the progress of
reaction is controlled by potentiostat [67,68,70]. It brings in a variety of parameters and pro-
vides valuable information about reaction mechanism. In the experiment, three electrodes
are assembled in a corrosion cell [72]. The corrosion cell includes a working electrode
(sample), counter (auxiliary) electrode and reference electrode. During the experiment, the
potential of the working electrode is systematically varied with respect to reference elec-
trode. The resulting current is measured by counter electrode. The potential of reference
electrode is constant and serves as reference value. Silver chloride (Ag/AgCl) and calomel
electrodes (Hg/Hg2Cl2) immersed in a saturated KCl solution are most frequently used
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reference electrodes. Platinum mesh is used as counter electrode as this metal is corrosion
resistant in most environments.

A schematic potential versus current density curve recorded during the polarization
experiment is given in Figure 8. Several different regions can be distinguished on the
curve. The first region is immune region. In this region, observed at low potentials,
the metal is thermodynamically stable. In immune region, cathodic reactions prevail at
the metal surface. The second region is labelled as active region. It is observed once
a corrosion potential, Ecorr, has been reached. In the active region, the metal actively
corrodes according to Equation (2). The active corrosion means that the anodic dissolution
of the metal takes place in the studied solution. Some metals can passivate. Therefore,
a passivation region can be also observed on the polarization curve. The passive region
corresponds to passive layer formation on the metal surface. The passivation is reflected
by rapid current density increase or stabilization at potentials higher than Ep (passivation
potential) on the polarization curve. At very high potentials, the current may start to
abruptly increase. The increase is a result of passive film breakdown and happens at
potential higher than transpassive potential, Etr. The passive film breakdown may be
initiated by aggressive halide anions and lead to localized corrosion (pitting). A given alloy
system may contain either some or all regions shown in Figure 8a.

Figure 8. Schematic polarization curve of a passivating metal: (a) full curve, (b) Tafel extrapolation of cathodic and
anodic regions.

The polarization curve provides a variety of electrochemical parameters. The corrosion
potential and corrosion current density are important parameters that can be determined
by Tafel extrapolation of the polarization curve. The procedure is shown in Figure 8b. In
Tafel extrapolation, tangents to the polarization curve measured in immune and active
regions are plotted. The intersection of the tangents determines the corrosion potential
and corrosion current density. The corrosion potential reflects the tendency of the metal to
corrode in given environment. The corrosion current corresponds to the rate of corrosion.
In corrosion cell, a Faraday’s law is valid [67,68]. The weight loss of the metal at the
working electrode, Δw, is calculated by the following equation

Δw =
A
zF

Icorrt (6)

In this equation, A is the atomic weight of the metal, Icorr is the corrosion current, t is
the reaction time, F is Faraday’s constant and z is the number of electrons involved in the
electrochemical reaction. The corrosion rate, vcorr, is calculated from the corrosion current
as

vcorr =
Δw
St

=
A
zF

jcorr (7)

In this equation S is the sample surface area and jcorr is the corrosion current density
(jcorr = Icorr/S). Equation (6) is valid for pure metals. For alloys, however, an equivalent
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weight, Ew must be introduced to account for different molar masses of constituent metals
and different valence states. The following equation defines the equivalent weight of an
alloy [73]

Ew =
1

∑ zi fi
Ai

(8)

In the equation, zi is the valence state, fi is the weight fraction and Ai is the atomic
weight of metal i in the alloy. The corrosion rate than becomes

vcorr =
Ew

F
jcorr (9)

The assignment of valence states for TMs is often ambiguous as these elements have
multiple stable valences. An independent experimental technique is therefore required, in
addition to corrosion experiments, to establish the proper valence state. Another approach
is to consult equilibrium Pourbaix diagrams [69]. The equilibrium E–pH diagrams can
be used estimate the stable valence state of TM at the experimental conditions (electrode
potential and pH of the electrolyte during corrosion test).

Metals become anodic and corrode only if their equilibrium half-cell potentials are
smaller than the half-cell potential of the corresponding cathodic reaction [67,68]. When
metals are combined into alloys it is no longer possible to define a unique half-cell potential.
In multiphase alloys, different phases may act as local anodes and cathodes. The physical
condition of the material may also be important. Constitutional variables such as the type
and amount of structural defects (dislocations, grain boundaries) and crystal orientation
are also important factors influencing the overall corrosion behavior.

Aluminum has a low standard electrode potential (Table 2, [68]). Therefore, aluminum
and aluminum alloys are prone to corrosion. Nevertheless, the materials are also easily
passivated. The passivation is related to spontaneous aluminum oxide/hydroxide film
formation at the interface [74]. The passive film protects the material and impedes further
reaction with the environment. Oxide layers grown on aluminum alloys at ambient
temperatures are generally non-crystalline, although short-range cubic ordered structure
has also been observed. In humid atmospheres, hydroxyl-oxides such as AlOOH or
Al(OH)3 may also form on aluminum surface. The passive film is generally self-renewing
and self-healing. Therefore, an accidental loss of the passive film due to, for example,
abrasion is rapidly restored.

Aluminum and its alloys are prone to pitting corrosion [75,76]. This type of local
corrosion is often observed in seawater as it is initiated by chlorides and other halide
anions in the electrolyte. The process may lead to passivity breakdown. Secondary phase
particles are important constitutional variables affecting the corrosion rate. They can be
classified into three different groups based on their electrochemical potential [76]: particles
with active elements, noble elements, and particles with both active and noble elements.
Reactive particles with active metals (such as Li, Mg or Zn) have low electrode potentials.
These particles behave as anodes and subsequently dissolve when embedded in aluminum
matrix. Particles with more noble elements (such as Fe or Cu) have higher electrode
potentials and constitute local cathodes. They initiate anodic dissolution of Al matrix. The
matrix adjacent to local cathode is preferentially attacked due to galvanic microcell created
at the matrix/particle interface (Figure 9, [76]).
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Figure 9. Schematic of the de-alloying and subsequent trenching of Al2CuMg intermetallic in AA2024 aluminum alloy (a);
microstructure image of corroded alloy surface after 1-h exposure in aerated H2O at 30 ◦C (b), redrawn (a) and reproduced
(b) from ref. [76].

If intermetallic particles contain both noble and active elements, their electrochemical
behavior changes over time. The active elements may preferentially dissolve, leaving
behind the noble metals. This process is known as de–alloying. It is schematically shown
in Figure 10 for Al2CuMg [76]. The galvanic interactions at the matrix-particle interface
change because of de–alloying. The de–alloyed particle becomes nobler over time and
may initiate an anodic dissolution of the surrounding matrix. Experimental conditions
may also influence the particle dissolution behavior. For example, Al20Cu2Mn3 is a noble
particle with respect to matrix at room temperature. Nevertheless, it may become anodic at
temperatures higher than 50 ◦C. At 50 ◦C a dealloying behavior of Al20Cu2Mn3 has been
observed, with de–alloying features much the same as Al2CuMg [77,78].

Figure 10. Schematic of trenching of Al7Cu2Fe intermetallic in AA2024-T3 aluminum alloy (a); microstructure image of
corroded alloy surface after 1-h exposure in aerated H2O at 30 ◦C, redrawn (a) and reproduced (b) from ref. [76].

In this review we aim to address the following fundamental questions:

• Which SCIP of the alloy has the highest tendency to corrode?
• Which factors influence the positions of anodic and cathodic sites on the metal surface?
• Which factors affect the corrosion rate?
• In this paper the complex Al–TM alloys have been sorted according to their chemical

composition.
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4. Al–Co Alloys

The Al–Co alloys composed of SCIPs were investigated by Lekatou et al. [79–82] The
authors prepared a series of novel Al–Co alloys with 3.3–10.3 at.% Co by arc-melting. The
microstructures obtained were ranging from fully eutectic to hypereutectic microstruc-
tures with primary precipitation of structurally complex Al9Co2. Relatively uniform and
directional microstructures were obtained (Figure 11, [81]). The fraction of directionally
solidified Al9Co2 was increasing with increasing Co concentration. Microstructures of the
materials before and after corrosion are compared in Figure 11. The alloys displayed a
similar corrosion behavior in 3.5 wt.% NaCl. The corrosion attack resulted in a preferential
dissolution of Al solid solution (ss).

 

Figure 11. Microstructure of the rapidly solidified Al–Co alloys before and after corrosion in aqueous
NaCl, adapted from reference [81].

A potentiodynamic polarization behavior of the Al–Co alloys in aqueous NaCl has
been studied in refs. [81,82]. The Al96.7Co3.3 alloy showed a slightly superior corrosion
performance compared to the remainder of the alloys as it had a relatively low corrosion
current. Nevertheless, all Al–Co had a substantially higher corrosion resistance compared
to Al. The anodic dissolution behavior was found to consist of four stages [81,82]. The
individual stages were assigned to the following processes:

1. Active dissolution of Al(ss)
2. Passivation of Al(ss)
3. Breakdown of the passive film at the Al9Co2/Al(ss) interface and dissolution of the

Al(ss) due to galvanic interaction with the nobler intermetallic (IMC)
4. Passivation of Al9Co2

At higher Co concentrations, a fragmentation of Al9Co2 in the corroded alloys oc-
curred. The fragments piling in the gaps resulting from Al(ss) dissolution retarded the
corrosion attack of the electrolyte. Al9Co2 had a higher electrochemical potential compared
to Al(ss).

The corrosion behavior of Al–Co complex metallic alloys with 24–29 at.% Co was stud-
ied by Palcut et al. [83,84]. The following relative nobility of Al–Co CMAs has been found:

Al(ss) < Al9Co2 < Al13Co4 < Al5Co2 < β(AlCo) (10)
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The nobility of IMCs increases with increasing Co concentration. The volume fractions
of the phases and physical contacts between them play an important role in the alloy
corrosion behavior. Results indicate that a galvanic mechanism is involved. Moreover, it
should be mentioned that Al–Co IMCs are brittle [85]. Therefore, a piling of noble but brittle
particles, such as β(AlCo), in pores resulting from massive dissolution of surrounding
less-noble phases may significantly influence the alloy stability [82]. The structural defects
in the alloy may act as rapid diffusion paths leading to a significant material degradation
over time. The galvanic coupling of noble IMCs with more active phases may be critical to
the alloy corrosion stability in halide-containing environments.

The parallel occurrence of SCIPs with similar chemical compositions has a positive
effect on the corrosion susceptibility of the alloy [84,85]. The Al74Co24 alloy was composed
of three phases with close chemical compositions (Z–Al3Co, Al5Co2, and Al13Co4, [84]). The
Al74Co24 alloy had a higher corrosion potential compared to the remaining alloys which is
an indicator of a superior corrosion resistance. The inspection of the alloy after corrosion
testing revealed a relatively uniform phase dissolution [84]. The potential differences
between constituent phases were probably small enough to initiate galvanic corrosion. The
alloy corrosion could only be initiated at high electrode potentials. A polarization at high
potentials resulted into a massive degradation of this alloy.

To further investigate the corrosion susceptibility of individual SCIPs with close chem-
ical composition, an annealing of the Al74Co26 alloy at 1000 ◦C for 330 h has been carried
out [86]. The annealing resulted in equilibrium microstructure of the alloy composed of
Z–Al3Co and Al5Co2. The Z–Al3Co phase in the as-annealed Al74Co26 alloy was signifi-
cantly less attacked. Although the bulk of this phase comprises less aluminum, it appears
to be nobler and less susceptible to pitting corrosion compared to Al5Co2. The reason
for this behavior could stem in a different structure of the phase surface. The Al5Co2
surface is terminated in puckered layers [87]. The surface of Z–Al3Co, on the other hand, is
more densely populated compared to Al5Co2 [88]. Therefore, Z–Al3Co was less prone to
corrosion attack.

The corrosion behavior of the as-annealed Al74Co26 alloy was investigated in neu-
tral (NaCl, 0.6 mol dm−3), alkaline (NaOH, 10−2 mol dm−3) and acidic electrolytes
(HCl, 10−2 mol dm−3) by cyclic potentiodynamic polarization [86]. The potentiodynamic
curves are shown in Figure 12. Anodic parts of the curves measured in HCl and NaCl
solutions displayed a passive region which was followed by an abrupt current density
increase. When the polarization scan was reversed, a positive hysteresis was found. These
features indicate pitting corrosion. The polarization behavior in NaOH, on the contrary,
corresponds to uniform alloy corrosion.

Figure 12. Potentiodynamic cyclic polarization curves of near-equilibrium Al74Co26 alloy in different
electrolytes, re-plotted from reference [86].
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The forward curves were evaluated by Tafel extrapolation and corrosion currents
and corrosion potentials were obtained [86]. The lowest corrosion potential and highest
corrosion current were found for NaOH. The highest corrosion potential and lowest
corrosion current, on the other hand, were observed for the HCl solution. This behavior is
in accordance with equilibrium E–pH diagram of Al (Figure 7).

5. Al–Cr Alloys

The Al–Cr alloys are expected to demonstrate a good corrosion resistance due to
high concentrations of Al and Cr [89]. Both are passivating elements producing protective
scales. The corrosion resistance of an Al70Cr20Fe10 alloy was studied by Li et al. [90].
The authors used commercial gas-atomized Al70Cr20Fe10 powders that were consolidated
by spark plasma sintering. The phases present in the sintered Al–Cr–Fe pellets were
the following: an icosahedral phase (i–Al–Cr–Fe), decagonal phase (d–Al–Cr–Fe) and
crystalline Al8(Cr,Fe)5 and Al9(Cr,Fe)4 phases. Authors measured an open circuit potential
(OCP) of the alloy in 3.5 wt. % NaCl and found that the OCP was nobler compared to
Al. The OCP of the alloy was stable over time, indicating that an equilibrium has been
rapidly established on the alloy surface. The Al70Cr20Fe10 alloy had a nobler corrosion
potential and hence a lower susceptibility to corrosion compared to Al. It passivated in
saline solution spontaneously due to significant amount of Cr. The alloy had a higher
corrosion rate compared to pure Al [90]. Nevertheless, the corrosion rate was close to that
of 316 stainless steel and smaller than AISI 440C stainless steel or AISI H13 tool steel.

The passivation behavior of Al–Cr–Fe alloys was studied by Ott et al. [91] The authors
used a flow microcapillary plasma mass spectrometry. The schematic of the experimental
set up is shown in Figure 13 [91]. In the experiment, a tiny microcapillary was positioned
on the alloy surface and continuously filled with the desired solution. The flow injec-
tion was operated in loops by switching the valve. The loop volume was continuously
transferred to the inductively coupled plasma mass spectrometer (ICP MC) for element
analysis. The microcapillary was refilled with fresh electrolyte from the reservoir. The cir-
culation was ensured by a peristaltic pump. A microscope was included to control precise
positioning of the capillary on the alloy surface. The technique provided time-resolved
information about transient electrochemical processes and element-specific dissolution at
the metal–electrolyte interface.

Figure 13. Schematic of the microcapillary flow ICP MS setup, re-drawn from reference [91].

The authors prepared and studied a polycrystalline γ-phase Al64.2Cr27.2Fe8.1 alloy
(composition given in at.%, [91]). The corrosion behavior was studied in two acidic
solutions: H2SO4 (pH 0) and HCl (pH 2). In sulfuric acid, very low element dissolution
rates were found. Neither Fe nor Al is stable at low pH [69]. Therefore, Cr is an essential
element in the passive film stability. It helps to stabilize the Al cations within the passive
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film, as evidenced by a low Al release over 2 h. A possibly mixed oxy-hydroxide of Al
and Cr was suggested to have been formed on the alloy surface (Figure 14, [91]). The
dynamic passivation mechanism is related to the fact that the cation dissolution occurring
at the oxyhydroxide–solution interface ( 2©) is compensated by additional film growth at
the metal–oxyhydroxide interface ( 1©). Longer air-aging was found to be beneficial for
stabilizing the passive film.

Figure 14. Schematic of the passive film evolution on γ-phase Al64.2Cr27.2Fe8.1 alloy, re-drawn from
reference [91].

In chloride-containing hydrochloric acid, ten times higher Al dissolution rates were
found at the OCP, suggesting a decreasing stability of the spontaneously formed passive
film [91]. The thickness of the dissolved passive film was much higher compared to
H2SO4 (Table 3). But even in HCl, a potentiostatic polarization at 0.18VSCE slowed down
the dissolution processes at the oxyhydroxide–solution interface by a factor of 6. The
electrochemical polarization at low passive potentials induces electrical field generated
oxide film modification, thereby increasing the chemical stability at the oxyhydroxide–
solution interface. In the high potential passive region, a localized attack was initiated with
subsequent active metal dissolution.

Table 3. Estimated equivalent passive film thickness [91].

Electrolyte pH
Ageing Time

[h]
Applied Potential

[VSCE] a
Dissolved Passive Film

Thickness [nm]
Formed Passive Film

Thickness [nm]

H2SO4 0 0.5 OCP b 106
H2SO4 0 0.5 0.18 55.6 8.4
H2SO4 0 0.5 0.68 153 6.9
H2SO4 0 3 OCP 116

HCl 2 0.5 OCP 880
HCl 2 0.5 0.18 147 24.6

a Volts versus saturated calomel electrode, b Open circuit potential.

The passivation behavior of Al–Cr–Fe complex metallic alloys in NaCl+HCl mixtures
was further investigated by Beni et al. [92] The authors prepared three alloys: polycrystalline
single phase Al79.5Cr12.5Fe8.0 (composed of orthorhombic phase), Al64.2Cr27.2Fe8.1 (single
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phase, composed of cubic γ phase) and single crystalline orthorhombic Al79.0Cr15.0Fe6.0. The
corrosion behavior of the different alloys could be explained considering the passivating
role of Cr combined with Fe oxyhydroxide precipitation. The anticipated reaction mech-
anism is presented in Figure 15 [92]. The Al79.5Cr12.5Fe8.0 alloy was found to undergo
an active dissolution in the electrolyte, as proven by the high element concentrations in
solution measured by ICP MS. The chromium concentration (12.5 at.%) was small but
sufficient to stabilize the initially air-formed oxyhydroxide for 22 days, as evidenced by the
constant low pH of the solution and low dissolution compared to Al. The concentration of
Cr was, however, too low to provide a long-term protection. A thick and non-protective
layer has been formed on the surface. With increasing Cr concentration, a protective layer
on the alloys started to form. The Cr concentration of 15.0 at.% was sufficient to stabilize
the passive film up to 78 days. A complete and long-lasting protective scale was finally
achieved at 27.2 at.% Cr [92,93].

Figure 15. Schematic of passivation/dissolution processes on pure Al and Al–Cr–Fe alloys in aqueous
HCl + NaCl mixture with initial pH 2, re-drawn from reference [92].

6. Al–Noble-Metal Alloys

Massiani et al. [35] investigated the corrosion behavior of crystalline and quasicrys-
talline phases in the Al–Cu–Fe(–Cr) alloys by potentiodynamic polarization in strongly
acidic and alkaline solutions. They found that the corrosion resistance was determined by
the alloy chemical composition. The complex crystal structure had only a minor influence.
Rüdiger and Köster [94] found that the corrosion behavior of quasicrystals and their ap-
proximants in the Al–Cu–Fe alloy system could be explained based on the electrochemical
behavior of the component elements. The surface of the icosahedral Al63Cu25Fe12 was
covered by a thick non-protective layer composed of Cu2O, Al(OH)3 and metallic Cu.
The scale chemical composition was comparable to crystalline Al7Cu2Fe. The complex
crystal structure thus did not have a substantial influence on the corrosion resistance [94].
Furthermore, the authors observed a formation of porous Cu layer in i–Al63Cu25Fe12 phase
at pH 0.

While Rüdiger and Köster studied single phase quasicrystalline alloys, Huttunen et al.
investigated Al–Cu–Fe alloys composed of several different phases (Table 4, [95]). The
corrosion behavior was determined by anodic polarization. The microstructural features
and phase constitution of the alloys before and after the polarization were studied by
scanning electron microscopy and X-ray diffraction.
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Table 4. Chemical composition of SCIPs in Al–Cu–Fe alloys (in at.%) studied in reference [95].

Alloy θ–Al2Cu ψ–Al65Cu20Fe15 β–AlFe λ–Al13Fe4

Al Cu Fe Al Cu Fe Al Cu Fe Al Cu Fe

Al60Cu27.5Fe12.5 49.8 49.5 0.7 65.2 22.5 12.3 67.6 32.2 0.2 73.4 4.5 22.1
Al62.5Cu25Fe12.5 47.2 52.3 0.5 62.0 27.4 10.6 65.7 33.9 0.4 71.8 7.5 20.7
Al65Cu20Fe15 51.5 47.7 0.8 65.3 22.9 11.8 68.3 31.4 0.3 73.7 4.3 22.0
Al67.5Cu20Fe12.5 66.4 33.0 0.6 70.3 20.1 9.6 93.8 5.8 0.4 73.7 3.4 22.9

The study was focused on four different Al–Cu–Fe alloys: Al67.5Cu20Fe12.5, Al65Cu20Fe15,
Al62.5Cu25Fe12.5 and Al60Cu27.5Fe12.5 [95]. The authors found that the presence of structurally
complex phases did not improve the alloys corrosion resistance [95,96]. The chemical
composition of the phases, however, was of great importance. The corrosion potentials of
Al–Cu–Fe alloys with Cu-rich phases were nobler and had lower corrosion rates compared
to Cu-lean alloys [95]. Relative amounts of the phases and their electrical contacts were
also significant factors influencing the overall corrosion behavior. Phases with high Cu
concentration remained virtually unaffected by corrosion. The phases with low Cu atomic
fractions were susceptible to corrosion attack. This behavior could be explained by the
higher electrode potential of Cu compared to Al and Fe (Table 2). The corrosion was
found to occur by galvanic mechanism near phase boundaries. The corrosion behavior
of Al–Cu–Fe alloys was studied in alkaline, neutral, and acidic solutions. In alkaline and
neutral electrolytes, an oxidation of Al and Cr occurred on the surface of the alloys. The
oxidation was accompanied with Cu deposition on the alloy surface. The Cu deposition
interfered with passive layer formation and introduced pores into the oxide film. The
icosahedral ψ–Al65Cu20Fe15 was the only phase capable of forming a stable passive layer
on the surface [95].

The Al–noble-metal alloys are interesting materials from electrochemical point of
view. The alloys are prone to selective dissolution of less noble elements (leaching) because
of markedly different electrode potentials of the constituent metals [97]. The less noble
elements tend to dissolve in the electrolyte, leaving behind their vacant positions. As
a result of leaching, a porous de-alloyed structure forms on the alloy surface [97]. The
leaching can be either uniform or localized. Examples of leaching include preferential
dissolution of Zn from brass (de-zincification) or Fe removal from gray cast iron (a so-called
graphitic corrosion) [98]. Other examples include de-aluminification, de-nickelification
and de-cobaltification [99].

Mishra et al. studied a chemical leaching of Al–Cu–Co decagonal quasicrystals [100].
The authors prepared two alloys with Al65Cu15Co20 and Al65Cu20Co15 chemical compo-
sitions and studied their corrosion behavior in aqueous NaOH (10 mol L−1). The alloys
were immersed in the alkaline solution at room temperature for 8 h. Most Al atoms were
removed (Figure 16, [100]). A nearly uniformly distributed metallic Cu, Co and Co3O4
nanoparticles were found on the alloy surface after leaching. The crystallite size was
calculated from the XRD reflections’ broadening and further confirmed by TEM [100]. The
nanostructure formation of the leached layer was controlled by Al dissolution rate during
leaching. The dispersed Cu and Co nanoparticles were stable in the leached layer and Cu
agglomeration was suppressed.
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Figure 16. Chemical composition (in at.%) of as-cast and as-leached Al–Cu–Co alloys, plotted from
data in reference [100].

Porous nanostructures composed of noble metals are important catalysts. The formation
of Cu-rich porous nanostructure from decagonal Al65CoxCu35−x alloys (x = 12.5, 15, 17.5 at.%)
was studied by Kalai Vani et al. [101] A selective dissolution of Al and Co was achieved by
combined immersion of the alloys in both NaOH (5 mol L−1) and Na2CO3 (0.5 mol L−1)
electrolytes. A high specific surface of 30 m2 g−1 of the porous Cu structure was achieved.

The electrochemical de-alloying of binary Al–noble metal alloys was also studied [102].
It has been shown that nano-porous Pd, Ag and Au with various structures can be produced
through electrochemical leaching of the Al–based alloys in NaCl aqueous solution. Galvanic
interactions between coexisting phases dominate during corrosion of double phase alloys.
The level of de-alloying depends on the critical de–alloying potential [103], diffusion of
the noble element and reactivity of the noble element and chloride anion. The porosity
evolution is a dynamic process. It is not a simple excavation of the less noble phase from
two phase material. The formation of the porous nanostructure involves selective leaching
of Al and is accompanied with coarsening of the noble element due to surface diffusion.

The corrosion behavior of Al–Pd alloys composed of SCIPs was studied in refer-
ences [104,105]. The open circuit potentials are given in Figure 17. The OCPs decrease in
the following order:

Al67Pd33, Al72Pd28 (group I) > Al77Pd23, Al88Pd12 (group II) (11)

Figure 17. Open circuit potentials of Al–Pd alloys in aqueous NaCl, re-plotted from data in refer-
ence [105].
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The OCPs of the alloys decrease with decreasing Pd concentration. This observation
is in accordance with expectations since Al is electrochemically more active compared to
Pd (Table 2). The corrosion resistance of both as-annealed and as-solidified alloys was
comparable. A large difference, however, between OCP and Ecorr has been found for group
I alloys (Al67Pd33 and Al72Pd28). The OCPs of these alloys were comparable to their pitting
potentials obtained by potentiodynamic polarization. The Al67Pd33 and Al72Pd28 alloys
were probably in a pitting corrosion stage during the OCP measurement. This suggestion
was manifested by oscillations of OCP resulting from a possible pitting behavior (Figure 17).
The anodic dissolution of the alloy at pits requires a generation of cathodic current from
the surrounding surface. The electric current bursts are transient and cause a temporary
decrease in the OCP value. The pitting corrosion sites are usually very small. However,
the current densities during transient bursts inside the pits can be up to 1 A/m2 [106]. The
significant corrosion rates of the alloy are due to aggressive environments developed inside
the pits. Although the pits are small, they may affect the electrochemical response of much
larger surface areas. Therefore, the differences in current densities on separated anodic
and cathodic sites are reflected in potential oscillations (so-called electrochemical noise
associated with localized corrosion).

Interactions between phases with different chemical composition play a significant
role in alloy corrosion. The Al67Pd33 and Al72Pd28 alloys were found to be composed
of structurally complex εn (Al3Pd) and δ(Al3Pd2). The electrochemical nobility of Al–Pd
phases in aqueous NaCl (0.6 mol L−1) increases in the following order

(Al) < εn(Al3Pd) < δ(Al3Pd2) (12)

The δ phase has a higher concentration of Pd. It serves as a cathode, and thereby
further accelerates the anodic dissolution of the surrounding εn phase. The corrosion
mechanism of Al–Pd alloys in aqueous NaCl involves a rapid passivation stage on the alloy
surface [105,106]. However, once a breakdown potential is reached during potentiodynamic
polarization, the passive layer becomes unstable and susceptible to local attack by chloride
anions. Consequently, chloro–aluminum complex cations are formed and released into
the solution. The local disruption of the passive layer reveals a naked alloy surface which
becomes more susceptible to further corrosion attack.

The microstructures of as-annealed and as-solidified Al72Pd28 and Al67Pd33 alloys
had similar features after corrosion testing. In the alloys a high number of inter-penetrating
channels have been found [105,106]. Pits were also observed in the inter-connection
between the channels. The formation of channels was driven by pitting and de–alloying.
The pits were probably initiation sites of the channels. A preferential de-alloying of Al
(de-aluminification) has also been observed. The preferential leaching of Al led to initiation
of microcracks. During rapid solidification residual stresses have been accumulated in
the alloys. The stresses were released during leaching, resulting in continuous tunnels
inter-penetrating the surfaces of de-alloyed materials. A similar corrosion behavior was
also found for the Al–Pd–Co alloys (Figure 18, [107]). The de-alloying of Al was more
pronounced in the as-solidified alloys. This is probably a consequence of their higher defect
concentrations compared to as-annealed alloys. The de–alloying behavior was significantly
reduced in as-annealed alloys [105].
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Figure 18. Microstructure of as-corroded Al–Pd–Co alloys: backscatter scanning electron microscopy
images of Al70Pd25Co5 (a) and Al74Pd12Co14 (b) and confocal laser scanning images of Al70Pd25Co5

(c) and Al74Pd12Co14 (d). Reproduced from reference [107].

7. Comparison of Al–TM Alloys with Different Chemical Composition

Corrosion parameters of previously studied Al–based CMAs are given in Table 5. The
corrosion behavior of Al–Co, Al–Pd and Al–Pd–Co alloys in aqueous NaCl (0.6 mol L−1)
is compared in Figure 19. Corrosion potentials of Al–Co alloys decrease with increasing
Al concentration. The Al–Pd alloys have lower corrosion potentials. The values are
smaller than the corrosion potentials of the remaining two alloy groups. Furthermore,
the corrosion currents of Al–Pd alloys are higher compared to the Al–Pd–Co and Al–Co
alloys (Figure 19b). These observations indicate that Al–Pd alloys are more susceptible to
corrosion attack compared to the remaining two alloy groups.

Table 5. Electrochemical corrosion parameters of Al-based complex metallic alloys.

Alloy Condition Electrolyte
Ecorr

[mV vs.
Ag/AgCl]

jcorr

[A m−2]
Reference

Al96.7Co3.3 Cast Aerated NaCl (0.6 mol dm−3) −838 ± 20 0.7 ± 0.1 [79]

Al96.7Co3.3 Arc-melted Aerated NaCl (0.6 mol dm−3) −820 ± 36 0.3 ± 0.1 [79]

Al96.7Co3.3
Powder-metallurgy

sintered Aerated NaCl (0.6 mol dm−3) −890 ± 50 0.9 ± 0.2 [79]

Al96.7Co3.3 Cast Aerated NaCl (0.6 mol dm−3) −820 ± 36 0.3 ± 0.1 [81]

Al95.1Co4.9 Cast Aerated NaCl (0.6 mol dm−3) −823 ± 23 0.6 ± 0.1 [81]

Al92.5Co7.5 Cast Aerated NaCl (0.6 mol dm−3) −799 ± 23 0.7 ± 0.1 [81]

Al89.7Co10.3 Cast Aerated NaCl (0.6 mol dm−3) −816 ± 23 0.9 ± 0.1 [81]

Al82.3Co17.7 Cast Aerated NaCl (0.6 mol dm−3) −843 ± 16 1.6 ± 0.1 [82]

Al82.3Co17.7 Arc-melted Aerated NaCl (0.6 mol dm−3) −825 ± 18 0.8 ± 0.1 [82]

Al82.3Co17.7
Powder-metallurgy

sintered Aerated NaCl (0.6 mol dm−3) −877 ± 23 5.8 ± 0.6 [82]
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Table 5. Cont.

Alloy Condition Electrolyte
Ecorr

[mV vs.
Ag/AgCl]

jcorr

[A m−2]
Reference

Al99.1Co0.9 Arc-melted Aerated H2SO4 (1 mol dm−3) −400 ± 7 1.9 ± 0.3 [80]

Al97.6Co2.4 Arc-melted Aerated H2SO4 (1 mol dm−3) −406 ± 2 3.6 ± 0.6 [80]

Al96.7Co3.3 Arc-melted Aerated H2SO4 (1 mol dm−3) −388 ± 10 2.6 ± 0.6 [80]

Al95.1Co4.9 Arc-melted Aerated H2SO4 (1 mol dm−3) −390 ± 5 1.9 ± 0.6 [80]

Al92.5Co7.5 Arc-melted Aerated H2SO4 (1 mol dm−3) −381 ± 18 3.1 ± 0.8 [80]

Al89.3Co10.3 Arc-melted Aerated H2SO4 (1 mol dm−3) −372 ± 7 2.9 ± 0.4 [80]

Al76Co24 Cast Aerated NaCl (0.6 mol dm−3) −706 0.13 [84]

Al75Co25 Cast Aerated NaCl (0.6 mol dm−3) −729 0.039 [84]

Al74Co26 Cast Aerated NaCl (0.6 mol dm−3) −515 0.58 [84]

Al73Co27 Cast Aerated NaCl (0.6 mol dm−3) −646 0.05 [84]

Al72Co28 Cast Aerated NaCl (0.6 mol dm−3) −672 0.04 [84]

Al71Co29 Cast Aerated NaCl (0.6 mol dm−3) −530 0.10 [83]

Al74Co26
Annealed in Ar 1050 ◦C

330 h Aerated NaCl (0.6 mol dm−3) −651 0.051 [86]

Al74Co26
Annealed in Ar 1050 ◦C

330 h Aerated HCl (0.01 mol dm−3) −314 0.032 [86]

Al74Co26
Annealed in Ar 1050 ◦C

330 h Aerated NaOH (0.01 mol dm−3) −1026 2.6 [86]

Al72Fe15Ni13 Cast Aerated NaCl (0.87 mol dm−3) - 1.4 [108]

Al69Co21Ni10 Cast Aerated NaCl (0.87 mol dm−3) - 1.2 [108]

Al70Cr20Fe10
Powder metallurgy

sintered Aerated NaCl (0.6 mol dm−3) −938 0.018 [90]

Al65Cu20Fe15 Cast NaCl
(0.6 mol dm−3) −638 ± 100 0.37 [109]

Al78Cu7Fe15 Cast NaCl
(0.6 mol dm−3) −586 ± 100 0.056 [109]

Al80Cu5Fe14Si1 Cast NaCl
(0.6 mol dm−3) −570 ± 100 0.14 [109]

Al70Cu9Fe10.5Cr10.5 Cast Na2SO4
(0.5 mol dm−3) −556 1.6 × 10−2 [35]

Al64Cu24Fe12 Cast Na2SO4
0.5 mol dm−3) −555 7.3 × 10−2 [35]

Al63Cu20Co15Si2 Cast Na2SO4
(0.5 mol dm−3) −635 2.2 × 10−2 [35]

Al70Cu9Fe10.5Cr10.5 Cast Na2SO4
(0.5 mol dm−3) + H2SO4 (pH 2) −496 1.4 × 10−2 [35]

Al64Cu24Fe12 Cast Na2SO4
(0.5 mol dm−3) + H2SO4 (pH 2) −512 0.8 × 10−2 [35]

Al63Cu20Co15Si2 Cast Na2SO4
(0.5 mol dm−3) + H2SO4 (pH 2) −186 0.6 × 10−2 [35]
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Table 5. Cont.

Alloy Condition Electrolyte
Ecorr

[mV vs.
Ag/AgCl]

jcorr

[A m−2]
Reference

Al70Cu9Fe10.5Cr10.5 Cast NaOH
(0.1 mol dm−3) −921 1.6 × 10−2 [35]

Al64Cu24Fe12 Cast NaOH
(0.1 mol dm−3) −1508 336 × 10−2 [35]

Al63Cu20Co15Si2 Cast NaOH
(0.1 mol dm−3) −1441 462 × 10−2 [35]

Al72Pd20Mn8
Annealed in Ar

800 ◦C 12 h Deaerated NaCl (0.5 mol dm−3) −355 0.5 [36]

Al88Pd12 Cast Aerated NaCl (0.6 mol dm−3) −794 0.89 [105]

Al77Pd23 Cast Aerated NaCl (0.6 mol dm−3) −809 0.82 [105]

Al72Pd28 Cast Aerated NaCl (0.6 mol dm−3) −797 0.63 [105]

Al67Pd33 Cast Aerated NaCl (0.6 mol dm−3) −798 0.62 [105]

Al77Pd23
Annealed in Ar 700 ◦C

500 h Aerated NaCl (0.6 mol dm−3) −763 0.75 [105]

Al72Pd28
Annealed in Ar 700 ◦C

500 h Aerated NaCl (0.6 mol dm−3) −841 0.68 [105]

Al67Pd33
Annealed in Ar 700 ◦C

500 h Aerated NaCl (0.6 mol dm−3) −783 0.72 [105]

Al88Pd12 Cast Aerated HCl (0.01 mol dm−3) −478 0.26 [104]

Al77Pd23 Cast Aerated HCl (0.01 mol dm−3) −450 0.27 [104]

Al72Pd28 Cast Aerated HCl (0.01 mol dm−3) −253 0.03 [104]

Al67Pd33 Cast Aerated HCl (0.01 mol dm−3) −200 0.17 [104]

Al88Pd12 Cast Aerated NaOH (0.01 mol dm−3) −1019 0.42 [104]

Al77Pd23 Cast Aerated NaOH (0.01 mol dm−3) −1033 0.25 [104]

Al72Pd28 Cast Aerated NaOH (0.01 mol dm−3) −879 0.25 [104]

Al67Pd33 Cast Aerated NaOH (0.01 mol dm−3) −892 0.34 [104]

Al70Pd25Co5 Cast Aerated NaCl (0.6 mol dm−3) −677 0.10 [107]

Al74Pd12Co14 Cast Aerated NaCl (0.6 mol dm−3) −758 0.18 [107]

Al93Co5Ti2
Powder metallurgy

sintered Aerated NaCl (0.6 mol dm−3) −707 1.1 [110]

Al88Co10Ti2
Powder metallurgy

sintered Aerated NaCl (0.6 mol dm−3) −676 14 [110]

Al83Co15Ti2
Powder metallurgy

sintered Aerated NaCl (0.6 mol dm−3) −490 4.0 × 10−4 [110]

Al78Co20Ti2
Powder metallurgy

sintered Aerated NaCl (0.6 mol dm−3) −669 2.39 [110]

Al73Co25Ti2
Powder metallurgy

sintered Aerated NaCl (0.6 mol dm−3) −661 0.64 [110]

Al68Co30Ti2
Powder metallurgy

sintered Aerated NaCl (0.6 mol dm−3) −649 7.0 [110]
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Figure 19. Corrosion parameters of Al–Pd, Al–Co and Al–Pd–Co alloys in aqueous NaCl (0.6 mol L−1). Data is compiled
from references [81,82,84,105,107].

The corrosion behavior of the Al–Pd–Co alloys is closer to Al–Co alloys (Figure 19).
This observation is unexpected, since Al–Co–Pd and Al–Co alloys have different phase
constitutions. Moreover, the preferentially corroding phase is εn in the Al–Pd–Co alloys.
εn is absent in the Al–Co alloys. It can be noted that Co substitution for Pd significantly
improves the corrosion resistance of εn. The positive influence of Co on the corrosion
resistance of Al–TM alloys has also been observed by Sukhova and Polonskyy [108]. It is
therefore the chemical composition and not the crystal structure of the phase that plays a
dominant role in the corrosion resistance.

To further probe the role of chemical composition, we have compared the corrosion
parameters of the previously discussed Al–TM alloys. The data compilation is plotted in
Figure 20. The parameters are relatively scattered due to large differences in the overall
alloy chemical compositions (Table 5). Nevertheless, some general trends can be noted. The
as-solidified Al–Pd–Co alloys have corrosion current densities comparable to Al–Cu–Fe
alloys. The corrosion potentials of the Al–Pd–Co and Al–Cu–Fe alloys are close to −650 mV
(vs. Ag/AgCl)). The Al–Cr–Fe alloy is also included in Figure 20. This alloy has a lower
corrosion potential compared to the remainder of the alloys. This is related to the absence of
noble metals, such as Pd, in the alloy. Furthermore, the Al–Cr–Fe alloy has a low corrosion
current due to the presence of Cr [90]. This element is responsible for a rapid passive layer
formation on the alloy surface.

Figure 20. Corrosion parameters of ternary Al–TM alloys in aqueous NaCl (0.6 mol L−1). Data is compiled from refer-
ences [90,107,109,110].

The corrosion parameters of Al–Co–Ti alloys [110] are also included in the same figure.
The corrosion potentials of these alloys are comparable to Al–Pd–Co alloys (Figure 20).
The concentration of Ti in the Al–Co–Ti alloys was constant (2 at.%). The atomic fraction
of Co was varied between 5–30 at.%. Due to small and constant Ti concentration, the
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microstructural features of the Al–Co–Ti alloys were comparable to Al–Co alloys [81,84].
The corrosion current densities of Al–Pd–Co alloys, however, were smaller compared to
Al–Co–Ti alloys. The Al–15Co–2Ti alloy was an exception as the alloy demonstrated a
lower corrosion current compared to the remainder of the alloys. The difference was related
to different intermetallic particles contained in the alloy (Al13Co4, Al9Co2, and Al3Ti). They
had different volume fractions and morphologies compared to the remaining Al–Ti–Co
alloys [110]. The observations show that specific Co atomic fractions may significantly
increase the corrosion resistance of the bulk Al–TM alloys. The εn phase of the Al–Pd–Co
alloys had a high concentration of Co. The Co additions significantly contributed to the
superior corrosion performance of the bi-phasic Al70Pd25Co5 alloy.

The corrosion parameters of the structurally complex Al–TM phases are comparable
to previously studied Al–TM intermetallic phases with simpler structures [111]. Therefore,
it is the chemical composition of the SCIP and not the crystal structure that influences
the corrosion behavior. The electrochemical activity of the SCIPs may also vary with
time. Zhu et al. investigated the corrosion performance of Al–TM intermetallic phases
over time [78]. At early stages of exposure, a de–alloying was the primary corrosion
mechanism. The de–alloying led to an ennoblement of intermetallic particles over time
due to preferential Al leaching [78]. The ennoblement speeded up an anodic dissolution of
the adjacent matrix and worsened the corrosion behavior. A long-term annealing may also
influence the corrosion performance of the alloy constituent phases. It reduces internal
stresses generated during casting and contributes to a more uniform element redistribution
in the SCIPs.

8. Conclusions

In this paper the electrochemical corrosion behavior of Al–TM alloys composed of
SCIPs has been reviewed. The following conclusions can be drawn:

1. The Al–TM alloys have a capability of forming passive layers because of high
Al concentration. The Al–Cr alloys, for example, can form protective passive layers of
considerable thickness in different electrolytes.

2. In halide-containing solutions the Al–TM alloys are prone to pitting corrosion. Gal-
vanic microcells between different SCIPs form which may further accelerate the localized
corrosion attack.

3. The electrochemical activity of aluminum–transition-metal SCIPs is primarily
determined by electrode potential of the alloying element(s). The electrochemical nobility
of individual SCIPs increases with increasing concentration of noble elements. The SCIPs
with less noble elements tend to dissolve in contact with nobler particles. The SCIPs with
noble metals are prone to selective de-alloying (de-aluminification). The electrochemical
activity of SCIPs may change over time.

4. The chemical composition of the SCIPs has a primary influence on their corrosion
properties. The structural complexity is secondary. It becomes important when phases
with similar chemical composition come into close physical contact. The phase with higher
structural complexity tends to be cathodic and can be retained during corrosion.
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J. Fine structure of phases of epsilon-family in Al73.8Pd11.9Co14.3 alloy. J. Alloys Compd. 2014, 609, 73–79. [CrossRef]
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alloys in HCl and NaOH solutions. J. Min. Metall. B 2017, 53, 333–340. [CrossRef]
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Phase Occurrence, Chemical Composition, and Corrosion Behavior of as-Solidified Al–Pd–Co Alloys. Materials 2019, 12, 1661.
[CrossRef]

108. Sukhova, O.V.; Polonskyy, V.A. Structure and corrosion of quasicrystalline cast Al-Co-Ni and Al-Fe-Ni alloys in aqueous NaCl
solution. East Eur. J. Phys. 2020, 3, 5–10. [CrossRef]
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Abstract: In this work, the microstructure and corrosion behavior of a novel Al-6Mg alloy were
investigated. The alloy was prepared by casting from pure Al and Mg+Al2Ca master alloy. The
ingots were homogenized at 420 ◦C for 8 h, hot-extruded and cold-rolled with 20% reduction (CR20
alloy) and 50% reduction (CR50 alloy). The CR50 alloy exhibited a higher value of intergranular
misorientation due to a higher cold rolling reduction ratio. The average grain sizes were 19 ± 7 μm
and 17 ± 9 μm for the CR20 and CR50 alloys, respectively. An intergranular corrosion (IGC) behavior
was investigated after sensitization by a nitric acid mass-loss test (ASTM G67). The mass losses of
both the CR20 and CR50 alloys were similar at early periods of sensitization, however, the CR20
alloy became more susceptible to IGC as the sensitization time increased. Grain size and β phase
precipitation were two critical factors influencing the IGC behavior of this alloy system.

Keywords: light alloys; Al-Mg; high-strength; mechanical properties; intergranular corrosion; precipitation

1. Introduction

The 5xxx series Al-Mg alloys are widely used materials in the automotive industry
due to their high strength-to-weight ratios, weldability, and good corrosion resistance [1–3].
Strength and ductility can be improved by adding solute Mg to the alloys because of
the solid solution strengthening mechanism [4,5]. Nevertheless, as the amount of Mg
increases, a selective oxidation prevails and causes a formation of oxide inclusions at
elevated temperatures [6]. The rapid oxidation of magnesium alloys can be suppressed
by additions of Ca [7]. With this background, a new alloying strategy has been developed.
The strategy uses an Mg + Al2Ca master alloy instead of pure Mg during casting. The
Mg + Al2Ca master alloy improves the oxidation resistance of Al-Mg alloys by forming a
protective CaO/MgO mixed layer on the surface [8,9]

Previous studies have shown that anodic β-phase (β-Mg2Al3) precipitation along grain
boundaries is an important factor affecting the intergranular corrosion (IGC) susceptibility
of Al-Mg alloy [6–8]. The Mg segregation leads to anodic β-phase formation at 50–200 ◦C.
The β-phase precipitation is referred to as sensitization [10–13]. The β-phase formation is
usually observed at grain boundaries (GB), sub-grains, intermetallics, dislocations and other
defects. Generally, the sequences of β precipitation have been reported as follows [14–16]:

Solid solution α → Guinier–Peston zones → β” → β’ → β precipitation
The β phases are electrochemically active compared to the Al matrix which leads to

galvanic corrosion. The distribution and morphology of β precipitates affect the suscep-
tibility of the alloy to IGC. To evaluate the IGC susceptibility, a nitric acid mass-loss test
(NAMLT, ASTM G67) can be used to measure the corrosion rate.
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In this research, the IGC susceptibility of sensitized Al-6Mg alloy with two different
cold rolling conditions was studied. It is not yet clearly understood how the cold rolling
process affects the corrosion behavior [17]. D’Antuono et al. observed that an increased
rolling reduction increased the growth rate of β precipitation due to lowering nucleation
temperature [18]. Additionally, an initial β precipitation was observed preferentially at
low-angle grain boundaries rather than high-angle grain boundaries [19]. On the contrary,
Wang et al. found that the maximum corrosion depth decreases with increasing cold rolling
reduction ratio. They also stated that larger thickness reductions are attributable to an
increased number of small-sized grains formed at the grain boundary, which can eventually
break off the continuity of corrosion.

This paper aims to figure out the effect of cold rolling and sensitization treatment on
the IGC susceptibility of a newly designed Al-6Mg alloy. In this study, a microstructure
evolution of the alloy was analyzed by electron backscattered diffraction (EBSD). The
continuity of β-phase precipitation at grain boundary was studied by scanning electron mi-
croscopy (SEM) and transmission electron microscopy (TEM). The effects of the cold rolling
reduction ratio and sensitization heat treatment on the IGC susceptibility are discussed.

2. Materials and Methods

2.1. Sample Preparation

The ingots of Al-6Mg alloy were prepared in an electric resistance furnace by the
casting of pure Al and Mg + Al2Ca master alloy. The ingots were homogenized at 420 ◦C
into a plate with an extrusion ratio of 21.7:1. The initial extrusion thickness was 12 mm.
The alloy was cold-rolled to 3 mm by using a 2-high mill rolling machine (FENN, East
Berlin, CT, USA). The cold-rolled specimen was further annealed at 420 ◦C for 1 h in a box
furnace and air-cooled. Finally, the alloy was cold-rolled with 20% reduction (CR20 alloy)
and 50% reduction (CR50 alloy), respectively. The chemical composition of the Al-6Mg
alloy is shown in Table 1. The chemical composition was measured by inductively coupled
plasma-atomic emission spectroscopy (ICP-AES, SPECTRO).

Table 1. Chemical composition of Al-6Mg alloy (wt.%, measured by ICP-AES).

Alloy Si Fe Cu Mg Mn Ca Al

Al-6Mg 0.05 0.07 <0.01 6.04 0.03 ~0.02 Bal.

2.2. Intergranular Corrosion Test (NAMLT)

The specimens were sensitized at 100 ◦C for 0, 3, 7, 48, 144, and 207 h prior to corrosion
testing. A nitric acid mass-loss test (NAMLT, ASTM G67) was used to determine the IGC
susceptibility [20]. According to the standard, the test specimen was machined into blocks.
The surfaces of the blocks were polished with 320 grit abrasive paper, and the specimen
dimensions were measured to the nearest 0.02 mm. Before the test, the samples were etched
in 5% NaOH (1 min at 80 ◦C). The initial mass of each specimen was measured on a digital
scale. The samples were then immersed in 70% HNO3 for 24 h. After the test, all specimens
were carefully rinsed with water and brush with a stiff plastic brush. The final weight of
the specimens was measured and used to calculate the mass-loss rate [20].

Microstructural evolutions of the alloys were investigated by optical microscopy (OM,
Nikon MA200, Nikon, Tokyo, Japan), scanning electron microscopy (FE-SEM/EDSFEI
Quanta200F, Hitachi, Japan), electron backscatter diffraction (EBSD, EDAX Hikari EBSD
detector, Mahwah, NJ, USA), and transmission electron microscopy (TEM, JEOL JEM-
2100F, Akishima, Japan). The obtained EBSD data were analyzed using the MTEX software
(open-source MATLAB toolbox) [21]. Image J software (open-source Java image program,
NIH Image) was used to calculate the maximum intergranular corrosion depth and area.
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3. Results

3.1. Microstructure

Inverse pole figure (IPF) maps of newly developed Al-6Mg with two different cold
rolling conditions are shown in Figure 1. The results reveal that the CR20 alloy has more
equiaxed grains compared to the CR50 alloy. The CR50 alloy has a deformed microstructure
due to a higher cold rolling reduction ratio. Figure 2 shows the orientation distribution
functions (ODF) of the CR20 and the CR50 alloy. Typical deformation textures of the
cold-rolled Al-6Mg alloys are also shown in Figure 2. As the cold rolling reduction ratio
increased, more deformed textures tended to be obtained.

Figure 1. Inverse pole figure (IPF) maps of the new Al-6Mg CR20 (a) and CR50 alloys (b).

Figure 2. ODF sections of the new Al-6Mg CR20 (a) and CR50 alloys (b). The triangle represents Brass texture, circle is
Copper texture, and the square is used for S texture.

Miller indices of the texture components for rolled samples are listed in Table 2. In the
previous studies it was reported that the fraction of deformation texture components (Brass
{110} <112>, Copper {112} <111> and S {123} <634>) increased while the recrystallization
texture (Cube {100} <010> and Goss {011} <100>) did not change with increasing cold
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rolling reduction ratio in the Al-Mg alloy [22,23]. Figure 2a indicates that the CR20 alloy
has an evolution of copper texture in Φ2 = 45 section. The CR50 alloy shows a strong
copper texture (Figure 2b). In addition, the CR50 alloy shows a stronger brass and S texture
compared to the CR20 alloy. The results are in accordance with previous research [22,23].
However, the recrystallization texture was not found in the newly designed Al-6Mg alloy,
which shows a partial disagreement with previous studies [22,23]. Therefore, the texture of
the newly developed Al-6Mg alloy is yet to be completely understood.

Table 2. List of texture components for cold-rolled samples.

Type Components Orientation

Recrystallization textures Cube {100} <010>
Goss {011} <100>

Deformation textures
Brass {011} <211>

S {123} <634>
Copper {112} <111>

Kernel average misorientation (KAM) is a measure of local grain misorientation based
on the set of all neighboring misorientation. This map can be used to explain the effect
of the rolling reduction ratio on the intergranular misorientation and evaluate the stored
strain energy for a given point [24]. Figure 3 shows that the KAM map of the CR20 and
CR50 alloys. The CR50 alloy exhibits a higher value of intergranular misorientation. As the
reduction ratio of cold rolling increases, the dislocation density and volume fraction of low-
angle grain boundary (LAGB) increase, which results in increasing KAM value. Figure 4
illustrates the grain size areas of CR20 and CR50 alloys. The average grain size areas of
the CR20 and CR50 alloys were calculated as 365.8 ± 51.21 μm2 and 283.6 ± 87.92 μm2,
respectively. These values correspond to average grain sizes of 19 ± 7 μm for the CR20
alloy and 17 ± 9 μm for the CR50 alloy, respectively.

Figure 3. KAM maps of the CR20 (a) and CR50 alloys (b).
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Figure 4. Grain size area histograms of the CR20 (a) and CR50 alloys (b).

3.2. Mass-Loss Test Results

Figure 5 shows the NAMLT results of the CR20 and CR50 alloys. The specimens were
sensitized at 100 ◦C for 0, 3, 7, 48, 144, and 207 h prior to corrosion testing. The figure
shows that both the CR20 and CR50 alloys had similar mass losses in concentrated nitric
acid at sensitization for less than 7 h. As the sensitization time increased, the CR50 showed
a slightly smaller mass-loss rate compared to the CR20 alloy. A previous study indicates
that the IGC susceptibility of the Al alloys gradually decreases as the cold rolling reduction
ratio increases [25].

Figure 5. NAMLT results of the CR20 alloy and CR50 alloy with different aging times at 100 ◦C.

The mass-loss of 25 to 75 mg/cm2 indicates that the specimen is susceptible to IGC.
Smaller values correspond to better corrosion resistance. The effect of the manufacturing
process on the IGC of Al-Mg alloys has been previously studied [25–27]. Zhang et al.
studied how the grain size modification by various manufacturing processes affected
the intergranular corrosion [26]. Previous researchers reported that the NAMLT value of
AA5083 alloy (~4.5 wt% of solute Mg) was 18 mg/cm2 after 8 days (192 h) of sensitization
exposure at 100 ◦C [27]. Similar values (19 mg/cm2 after 200 h of sensitization at 100 ◦C)
were obtained in the current study. Therefore, the IGC susceptibility of high Mg-containing
Al-Mg alloys appears not to be negatively affected by the cold rolling process.
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3.3. Microstructure of Corrosion Attacked Surface

Figures 6 and 7 show the metallographic cross sections of the CR20 and CR50 alloys
after the IGC test. To explore the IGC behavior, the specimens were etched using Keller’s
reagent for 10 s. Figures 6a and 7a indicate the estimated corrosion depths after 0 h of sensi-
tization. The depths are 16.75 μm and 17.71 μm for the CR20 and CR50 alloys, respectively.
The penetration depth increases with increasing annealing time. The precipitation of β
at grain boundaries increases with increasing sensitization time. It is assumed that the
anodic precipitation of the CR50 alloy is deeper than in the CR20 alloy, which results in the
IGC rate being higher in this alloy. As shown in Figures 6c and 7c, the grains start to be
detached from the specimen after 48 h at 100 ◦C.

Figure 6. The surface of the CR20 alloy after NAMLT at different sensitization times: (a) 0 h, (b) 7 h, (c) 48 h, (d) 144 h, and
(e) 207 h.

Figure 8 shows the maximum corrosion depth of both CR20 and CR50 alloys. The
values are similar at the maximum sensitization time. On the other hand, the CR20 alloy
shows a higher mass-loss rate compared to the CR50 alloy (Figure 5).

The continuity of β precipitation at grain boundary is critical for the IGC depth. The
grain size, on the other hand, is a more important factor in the mass-loss rate at the early
periods of sensitization. While there is not a significant difference between the alloys in
maximum IGC depth, the NAMLT results show a higher mass-loss rate in the CR20 alloy
after the long heat treatment time. This means that the CR20 alloy is more susceptible
to IGC.
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Figure 7. The surface of the CR50 alloy after NAMLT at different sensitization times: (a) 0 h, (b) 7 h, (c) 48 h, (d) 144 h, and
(e) 207 h.

Figure 8. Maximum IGC depths of CR20 and CR50 alloys.

3.4. Schematic of β Phase Distribution in Grain Boundary

Figure 9 shows the SEM images of the CR20 and CR50 alloy surface after sensitization.
The grain boundary is covered with β precipitation. The specimens were etched using
H3PO4 etchant to selectively reveal the grain boundary covered by the anodic β precipita-
tion. The continuity of β precipitation can be indirectly observed by the microstructure of
the etched surface. At sensitization time of 7 h, the grain boundaries were more discernible
in the CR50 alloy. This indicates that the CR50 alloy is more susceptible to IGC at 7 h
sensitization. Figures 10 and 11 show a close look-up at the microstructure of the etched
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surface. The grain boundary is covered by β precipitation. The β precipitation is more
discontinuous in the CR20 alloy.

Figure 9. Microstructure of sensitized CR20 and CR50 alloys.
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Figure 10. Close inspection of β precipitation covered grain boundary: (a) CR20 alloy, Sensi. 48 h, (b) CR50 alloy, Sensi.
48 h.

Figure 11. Close inspection of β precipitation covered grain boundary: (a) CR20 alloy, Sensi. 207 h, (b) CR50 alloy, Sensi.
207 h.

Previous studies found that the precipitate growth rates increased with rolling reduc-
tion [18,19]. A high density of dislocations can lower the activation energy, which most
likely initiates the precipitation in the rolled specimen [18]. Increasing the dislocation
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density results in enhancing the diffusivity of Mg atoms at sensitization treatment due to
pipeline diffusion [19]. On the other hand, there is no difference in the continuity of the
precipitation at grain boundary at long sensitization times (Figure 11) by precipitation [18].
Considering both mass-loss results and maximum IGC depths (Figures 5 and 9), the grain
size thus becomes a crucial factor in IGC at longer sensitization times.

3.5. Direct Observation of β Precipitation Distribution

Figure 12 shows the thickness of the precipitates for the CR20 and CR50 alloys. The
size of the precipitates was calculated from the crossline thickness of the precipitates by
TEM image (Figure 13). Figure 13e represents the TEM image of the CR20 alloy with EDS
mapping of magnesium at 48 h of sensitization. The thickness was found to be 6.1 ± 1.7 nm
for the CR20 alloy and 7.5 ± 3.0 nm for the CR50 alloy at 48 h of sensitization time. The
precipitate thickness at 207 h is higher. The thickness of β-precipitates is crucial for the
IGC rate as it affects the continuity of the precipitation at the grain boundary. Figure 13a
reveals that the β precipitation of the CR20 alloy in the early period of sensitization is
discontinuous. This results in a superior corrosion resistance compared to the CR50 alloy
at the early sensitization time. The size of β precipitates at longer sensitization times
becomes larger for the CR20 alloy. Both Figure 13c,d show that β precipitation was almost
continuously distributed at the grain boundary with almost the same thickness as shown in
Figure 12. Zhang et al. also agree that the kinetics of precipitation growth is reduced with
sensitization time [28]. The results of this study show that the IGC significantly depended
on the grain size for long-term sensitization, as compared to the size of precipitates.

Figure 12. Thickness of β-phase precipitates in the CR20, and CR50 alloys sensitized for 48 and
207 h, respectively.
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Figure 13. TEM of β precipitates in: (a) CR20 alloy, 48 h; (b) CR50 alloy, 48 h; (c) CR20 alloy, 207 h; (d) CR50 alloy, 207 h;
and (e) TEM-EDS (Mg element) CR20 alloy, 48 h.

4. Discussion

In this research, we found that both grain size and continuity of β precipitation at
grain boundaries are important factors affecting the Al-Mg IGC susceptibility.

The TEM image in Figure 13 shows that the β precipitates are much thicker in the
CR50 alloy at an early period of sensitization. The β precipitates thickness, however, is al-
most the same at long-term sensitization. Some researchers suggested that grain boundary
misorientation is a crucial factor for the growth rate and the final size of β precipitation.
These factors affect the continuity of β precipitation at grain boundaries [10,12,26,29–34].
Wang et al. concluded that some grain boundaries, e.g., low-angle grain boundaries gener-
ated by plastic deformation, are not susceptible to IGC [28]. On the other hand, D’Antuono
reported that although the β precipitation was preferentially formed at low-angle grain
boundary, the final size of precipitation was larger at high-angle grain boundary [18].
The influence of grain boundary plane orientation was reported to affect the continuity
of precipitation. It was found that grain boundary (GB) planes close to {110} direction
facilitate the β precipitation while the GB plane near {100} direction may be resistant to
β precipitation [31,32].

Previous studies showed that the rolled specimen had a high resistance to IGC coming
from the confluence of refined grain size and the fraction of low-angle grain bound-
aries [17,25,26]. In this study, it was revealed that the effect of grain size on IGC needs to
be considered depending on the sensitization heat treatment which affects the formation of
anodic β-Mg2Al3 precipitation at the grain boundary. High dislocation density induced by
cold rolling facilitates the precipitate growth rates. The formation of anodic β-Mg2Al3 is
affected by temperature and the presence of prior strain [35,36]. The increased dislocation
density tends to lower the nucleation temperature and reduce Mg diffusion at a lower
temperature [18,19]. These factors are reflected in increasing the susceptibility of the CR50
alloy in the early period of sensitization. In this situation, the dislocation density and
grain boundary type affect the IGC susceptibility more significantly compared to the grain
size. On the other hand, the grain size affects the IGC susceptibility of cold-rolled Al-6Mg
alloy more dramatically than the grain boundary type. It was found that the large-grained
material tends to be more susceptible to IGC when the precipitation is continuously formed
at the grain boundary due to sufficient sensitization time.
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5. Conclusions

This study has explored the IGC behavior of a newly designed Al-6Mg alloy with
two different cold rolling conditions. It was revealed that the grain size and the continuity
of β precipitation play an important role in IGC. The precipitation growth rate and final
size of precipitates affect how the grain boundary is covered by β precipitation. At the
early period of sensitization, the precipitation growth rate is a crucial factor in IGC. The
dislocation density and grain boundary orientation affect the precipitation growth rate.
The CR50 alloy has a slightly higher precipitation growth compared to the CR20 alloy
because of the high density of dislocations. This results in a higher maximum IGC depth.
However, the grain size effect is more dominant when the sensitization time is long enough
to cover the grain boundary by anodic β precipitation.
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Abstract: The effect of natural aging on the stress corrosion cracking (SCC) of A201-T7 alloy
was investigated by the slow strain rate testing (SSRT), transmission electron microscopy (TEM),
scanning electron microscopy (SEM), differential scanning calorimetry (DSC), conductivity,
and polarization testing. The results indicated that natural aging could significantly improve
the resistance of the alloys to SCC. The ductility loss rate of the unaged alloy was 28%, while the
rates for the 24 h and 96 h aged alloys were both 5%. The conductivity of the as-quenched alloy was
30.54 (%IACS), and the conductivity of the 24 h and 96 h aged alloys were decreased to 28.85 and
28.65. After T7 tempering, the conductivity of the unaged, 24 h, and 96 h aged alloys were increased
to 32.54 (%IACS), 32.52 and 32.45. Besides, the enthalpy change of the 24 h and 96 h aged alloys
increased by 36% and 37% compared to the unaged alloy. The clustering of the solute atoms would
evidently be enhanced with the increasing time of natural aging. Natural aging after quenching is
essential to improve the alloy’s resistance to SCC. It might be due to the prevention of the formation
of the precipitation free zone (PFZ) after T7 tempering.

Keywords: Al-Cu-Mg-Ag alloy; natural aging; stress corrosion cracking; SSRT; PFZ

1. Introduction

A201 (Al-4.5Cu-0.3Mg-0.7Ag) is a heat treatable aluminum alloy, which has the highest strength
among the casting aluminum alloys, so it has been used in the aerospace and military industries
for many years [1] The primary strengthening phases of A201 are θ’ and Ω, both having a similar
composition to that of CuAl2 [2,3]. The crystal structure of θ’ is tetragonal and with a = b = 0.414 nm
and c = 0.580 nm, forming large rectangular or octagonal plates parallel to the {100}α plane of the matrix
α phase [4]. The Ω phase has a face-centered orthorhombic structure, with a = 0.496 nm, b = 0.859 nm
and c = 0.848 nm, which forms hexagonal plate-like precipitates on the {111}α plane of the matrix
α phase [5–8].

To enhance the mechanical properties, especially the tensile strength, a T6 temper treatment
(solution heat treated then artificially aged) is usually applied in heat treatable alloys [1]. However,
for high strength Al-Cu-Mg (2XX series) or Al-Zn-Mg-Cu (7XXX series) alloys, T6 temper treatment is
not recommended because it will increase the susceptibility of the alloy to stress corrosion cracking
(SCC) [9–14]. SSC can occur when alloys are simultaneously subjected to stress and corrosive
environments. Burleigh [15] specified three SCC mechanisms for aluminum alloys, including anodic
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dissolution, hydrogen-induced cracking, and the brittle passive film’s rupturing. Speidel [16] have
indicated that anodic dissolution is the primary mechanism of SCC in Al-Cu alloys. Misra [17] showed
that Al-Cu alloys formed a precipitate free zone (PFZ) along the grain boundary following artificial
aging, and this zone acts as an anode relative to the base of alloy. Eventually, under a corrosive
environment, the grain boundary corrodes quickly and resulting in grain boundary cracking of the alloy.

T7 tempering (solution heat treatment then overaging) is recommended to lower the susceptibility
of high strength Al-Cu-Mg (2XX series) or Al-Zn-Mg-Cu (7XXX series) alloys to SCC [1]. In the AA7075
(Al-Zn-Mg-Cu) alloy, for example, the primary strengthening phase is η (MgZn2), which has the lowest
potential compared to the α matrix and PFZ [18]. The T7 temper coarsens the precipitation, resulting in
a discontinuous structure along the grain boundary, thereby decreasing the alloy’s susceptibility to
SCC [19]. However, for a high strength Al-Cu-Mg alloy, PFZ has the lowest potential than the CuAl2
and α matrix. The inhibition of the formation of PFZ is the primary way to improve the resistance of
the Al-Cu-Mg alloy to SCC [20].

Although the effect of aging on the SCC behavior of high strength aluminum alloys had been
investigated for decades [13–21], and these works mainly focused on the effect of single artificial aging
on the SCC, such as T6 (peak aging) or T7 (over aging) treatment. However, the lack of research on
multiple heat treatments (combined natural aging with artificial aging) is the primary purpose of this
work. Hence, the influence of natural aging on the SCC behavior, microstructure, and mechanical
properties of A201-T7 alloy were investigated in this work to find the feasibility of multiple heat
treatments. The results can provide a reference for the development of high-performance alloys with
lower SCC suspicious while the mechanical properties could be maintained.

2. Materials and Methods

2.1. Melting and Casting

The specimens for testing were prepared as follows. High purity aluminum ingots (99.9 wt.%)
were first melted in an electric resistance furnace using a graphite crucible. Suitable amounts of pure Cu,
Mg, Ag, Al-75Mn, and Al-60Ti master alloys were then added. Pure argon was used for degassing the
melt for 40 min. After being held for 10 min at 700 ◦C, it was poured into a 125 mm × 100 mm × 25 mm
steel mold preheated to 300 ◦C. Table 1 shows the experimental alloy’s chemical composition as
determined by inductively coupled plasma optical emission spectrometry.

Table 1. Chemical composition of the experimental alloy (wt.%).

Alloy Cu Mg Ag Ti Fe Si Al

A201 4.5 (0.1) * 0.3 (0.05) 0.7 (0.05) 0.3 (0.05) 0.05 (0.01) 0.03 (0.01) Balance

* Standard deviations are listed in parentheses.

2.2. Heat Treatment of As-Cast Alloys

Table 2 shows the heat treatment cycles used to produce the as-cast alloy. First, they were solution
treated at 510 ◦C for 2 h and then 530 ◦C for 20 h. Subsequently, water quenched (WQ) and immediately
subjected to natural aging for different lengths of time (unaged, 24 h, 96 h). Finally, artificial aging was
performed with T7 tempering at 190 ◦C for 5 h.

Table 2. Heat treatment cycles for preparation of as-cast alloys.

Alloy Notation Solution Treatment Natural Aging Artificial Aging

NA0d 510 ◦C/2 h + 530 ◦C/20 h +WQ none 190 ◦C/5 h
NA1d 510 ◦C/2 h + 530 ◦C/20 h +WQ 24 h 190 ◦C/5 h
NA4d 510 ◦C/2 h + 530 ◦C/20 h +WQ 96 h 190 ◦C/5 h
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2.3. Slow Strain Rate Test

Slow strain rate testing (SSRT) was carried out in a 3.5% NaCl solution at pH = 7 using a tensile
testing rate of 1.25 × 10−7 s−1. The test specimens prepared according to ASTM B557M [22] had
dimensions of 4mm in diameter and 20 mm gauge length. The occurrence of suspected stress corrosion
cracking was determined from the ductility loss rate [(Escc − Eair)/Eair)] and ultimate tensile strength
loss rate [(UTSscc − UTSair)/UTSair)]. This is the ratio of elongation and tensile strength in 3.5% NaCl
compared to that in air.

2.4. Materials Characterization

A Sigmascope SMP10 electrical conductivity meter was used to measure the alloys’ electrical
conductivity under different heat treatment conditions. The unit of electrical conductivity were
percentages of the international annealed copper standard (%IACS). Sample disks 3 mm in
diameter and 1mm thick were prepared for the differential scanning calorimetry (DSC) experiments.
A SEIKO-DSC6200 differential scanning calorimeter (Chiba, Japan) at a heating rate of 10 ◦C/min
was used to capture the DSC traces. The T7 state specimens were prepared for transmission electron
microscopy (FEI-TEM, Tecnai, G2-F20, Hillsboro, OR, USA) by twin-jet electro-polishing in a solution
of 30% HNO3 methanol at −30 ◦C and 12 V. SSRT fractography was observed by scanning electron
microscopy (FEI-SEM, JEOL, JSM-7800F Prime, Akishima, Japan). The Rockwell hardness B scale was
used to measure the hardness of the experimental alloys.

2.5. Polarization Testing

Anodic potentiodynamic polarization experiments were performed in a 3.5% NaCl solution to
determine the breakdown potentials of A201-T7 alloys prepared with various natural aging times.
Silver-Silver chloride was used as the reference electrode and platinum as the auxiliary electrode.
Each 15 mm diameter sample (working electrode) was exposed to the solution for 48 h before the
start of the measurement and then potentiodynamically polarized from −630 mV below the open
circuit potential (OCP) to a potential above the breakdown potential at 0.5 mV·s−1. The corrosion rates
and polarization resistance were determined by the polarization resistance method and Stern-Geary
equation. Besides, the polarization test was repeated three times in order to check the reproducibility.

3. Results and Discussion

3.1. Electrical Conductivity

As shown in Table 3, the alloys’ electrical conductivity decreased with an increase in the natural
aging time. It was because the clustering of solute atoms led to a lattice distortion of the α matrix [23].
The longer the natural aging time was, the worse the lattice distortion became. As a result, the electrical
conductivity of the alloys became lower. The changes in conductivity [(CAN−C0)/C0 × 100%] of the
NA1d and NA4d alloys of 5.5% and 6.2%, indicated the flattening of clustering with an extension of
the aging time from 24 h to 96 h.

Table 3. Electrical conductivity of alloys under different heat treatment conditions.

Alloy
Notation

IACS (%) Percentage Change (%)

As-Quenched
(C0)

Natural Aging
(CNA)

T7 (CT7) CNA−C0

C0
× 100% CT7−CNA

CNA
× 100%

NA0d 30.54 (0.12) * 30.54 (0.12) 32.54 (0.24) - 6.5
NA1d 30.54 (0.12) 28.85 (0.11) 32.52 (0.11) −5.5 12.7
NA4d 30.54 (0.12) 28.65 (0.09) 32.45 (0.09) −6.2 13.4

* Standard deviations are listed in parentheses.
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3.2. DSC Analysis

An enlarged view of the DSC traces for the experimental alloys in the range of 150 ◦C to 350 ◦C
is presented in Figure 1. The exothermic peak at 250 ◦C represents the precipitation of θ’ and Ω
strengthening phase [24]. The enthalpy changes of the NA0d, NA1d, and NA4d alloys were 1.35, 1.83,
and 1.85 W/g, respectively, showing that natural aging could significantly increase the exothermic
heating. However, there was no obvious increase in exothermic heat while the increased period of
natural aging time from 24 h to 96 h.

Figure 1. Differential scanning calorimetry (DSC) profile of different naturally aged A201 alloys.

3.3. Mechanical Properties

The mechanical properties of the alloys produced under different heat treatment conditions are
shown in Table 4. The hardness of the alloy after solution treatment then water quenching was 33.5HRB,
which increased gradually following natural aging. The percentage changes [(HNA−H0)/H0 × 100%] of
the alloys, NA1d and NA4d, were 40% and 54%, indicating that there was no obvious promotion of
the clustering of solute atoms with an increase in the natural aging time from 24 h to 96 h, which was
consistent with the electrical conductivity and DSC analysis results.

Table 4. Mechanical properties of alloys under different heat treatment conditions.

Alloy
Notation

Hardness Tensile Test Percentage Change (%)

As-Quenched Natural Aging T7 HNA−H0

H0
× 100% HT7−HNA

HNA
× 100%

H0 (HRB) HNA (HRB) HT7 (HRB) YS (MPa) UTS (MPa) EL (%)

NA0d 33.5 (2.2) * 33.5 (2.2) 71.1 (2.1) 320 (2.6) 398 (2.7) 3.5 (0.2) - 112
NA1d 33.5 (2.2) 46.8 (1.5) 71.6 (1.6) 325 (2.0) 396 (2.8) 3.6 (0.1) 40 53
NA4d 33.5 (2.2) 54.5 (1.7) 70.6 (2.5) 318 (3.2) 397 (3.0) 3.5 (0.2) 54 30

* Standard deviations are listed in parentheses.

After T7 tempering, with the precipitation of the strengthening phases θ’ and Ω, there was an
increase in the hardness of all the alloys, NA0d, NA1d, and NA4d, to 71HRB. Evidenced that the
clustering of the solute atoms remained at the same level regardless of whether natural aging was
adopted or not, and that lattice distortion would be eliminated after T7 tempering. The percentage
changes [(HT7−HNA)/HNA × 100%] of the alloys, NA0d, NA1d, and NA4d, were 112%, 53%, and 30%.
Obviously, the hardness did not increase as much with the extension of the natural aging time from
24 h to 96 h. In addition, there was no difference in the yielding stress (YS), ultimate tensile stress
(UTS), or elongation (EL) whether natural aging was adopted or not. The YS, UTS, and EL of the three
alloys were approximately 320 MPa, 397 MPa, and 3.5%, respectively, after T7 tempering.
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3.4. Polarization Test

The polarization curves of A201-T7 alloys after different natural aging (unaged, 24 h, 96 h) are
shown in Figure 2. No passivation areas could be found after the samples were immersed in a 3.5%
NaCl solution for 48 h before the test. The electrochemical analysis results were shown in Table 5.
The corrosion potential, rates, and polarization resistance were represented as Ecorr (V), Icorr (A/cm2),
and Rp (Ω/cm2), separately. The unaged alloy exhibited a lower corrosion potential and lower corrosion
rates than the aged alloys. The corrosion potential of the NA0d alloy was −0.71 V, lower than for
NA1d (−0.60 V), and NA4d (−0.59 V). The corrosion rates of the alloys, NA0d, NA1d, and NA4d,
were 3.91 × 10−5, 5.94 × 10−5, and 6.77 × 10−5 (A/cm2), respectively, as determined by the polarization
resistance method. Correspondingly, the polarization resistance of the naturally aged alloys was lower
than that of the unaged alloy due to the clearly seen of active region in Figure 2. It is worth noting that
the SCC resistance may be decreased with the long-term experiment. The polarization resistance of the
unaged allot was 828 (Ω/cm2), while the 24 h and 96 h aged alloy were 633 and 604 (Ω/cm2). However,
there was no obvious decrease in the polarization resistance of the A201-T7 alloys with an increase in
the natural aging time from 24 h to 96 h.

Figure 2. Polarization curves of different naturally aged A201-T7 alloys in a 3.5% NaCl solution.

Table 5. Parameters of polarization test of different naturally aged A201-T7 alloys in a 3.5%
NaCl solution.

Alloy Notation Ecorr (V) Icorr (A/cm2) Rp (Ω/cm2)

NA0d −0.71 (0.05) * 3.91 × 10−5 (1.2 × 10−5) 828 (61)
NA1d −0.60 (0.04) 5.94 × 10−5 (3.3 × 10−6) 633 (35)
NA4d −0.59 (0.05) 6.77 × 10−5 (2.8 × 10−6) 604 (28)

* Standard deviations are listed in parentheses.

3.5. Slow Strain Rate Testing

The results of slow strain rate testing of the A201-T7 alloys are presented in Table 6. Natural aging
did not affect their elongation in air, approximately 3.5% for all three alloys. However, when it came to
the saltwater environment, the elongation of the NA0d alloy decreased to 2.6%. In comparison, that of
the NA1d and NA4d alloys remained about 3.5%, indicating that natural aging could significantly
improve the alloy’s resistance to SCC. The losses of ductility of NA1d and NA4d were 5.4% and 5.7%,
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respectively, while the loss in the unaged alloy could be as much as to 27.8%. Moreover, the loss of
strength also showed the same tendency. The loss of strength of the unaged alloy was 15%, while the
24 h and 96 h aged alloys showed losses of 2.5% and 3.0%, respectively.

Table 6. Slow strain rate testing results of A201-T7 alloys.

Alloy
Notation

EL in Air
Eair (%)

EL in Salt
Water Escc (%)

UTS in Air
UTSair (MPa)

UTS in Salt Water
UTSscc (MPa)

Escc−Eair

Eair
× 100% UTSscc−UTSair

UTSair
× 100%

NA0d 3.6 (0.1) * 2.6 (0.3) 399 (2.9) 339 (2.1) −27.8 −15.0
NA1d 3.7 (0.2) 3.5 (0.2) 395 (2.6) 385 (2.8) −5.4 −2.5
NA4d 3.5 (0.1) 3.3 (0.1) 397 (2.8) 385 (2.3) −5.7 −3.0

* Standard deviations are listed in parentheses.

The SSRT results indicated that natural aging before T7 tempering was essential, for it had the
great benefit of increased resistance of the A201-T7 alloy to SCC. It also showed that aging for 24 h was
sufficient. Extending the aging time further had no additional benefit. We would also like to remind
the reader that the slow strain rate testing (SSRT) might not be suitable to determine the SCC behavior
of alloys in the latest research due to the sub-critical cracking and to invalidate the SSRT results [25,26].

An examination of Figure 3 shows the fracture surface of the A201-T7 alloys after slow strain rate
testing. During SSRT in air, the fracture surfaces of the alloys, NA0d, NA1d, and NA4d, were similar
with many dimples of different shapes and sizes observed, implying that the fracture mechanism
was ductile fracturing. As a result, natural aging did not affect the elongation in the air. However,
the fracture surfaces of the alloys were quite different when SSRT was conducted in the 3.5% NaCl
solution. For the unaged alloy, nearly no dimples were observed, and the fracture mechanism was
brittle fracturing. For the 24 h and 96 h aged alloys, cleavages and dimples were observed in the
sample, and the fracture mechanism was a combination of ductile and brittle fracturing. The results
were consistent with the mechanical properties presented in Table 4.

3.6. Transmission Electron Microscopy (TEM) Characterization

The Schematic diagram of the calculated diffraction pattern of Ω and θ’ strengthening phases
along [011]α zone axis were shown in Figure 4 [27]. Strengthening phases Ω and θ’ have a similar
composition to CuAl2, but with a different crystal structure. As shown in Figure 5d, the selected
area electron diffraction patterns (SAED) along [011]α zone axis evidenced Ω and θ’ precipitation
strengthening phases exist in A201 alloys after T7 tempered. The bright streaks and (101) diffraction
spot of Ω phase and (100) diffraction spot of θ’ phase were found at (200)α position. The TEM bright
field images of the grain boundaries of A201-T7 alloys shown in Figure 5 reveal the presence of
precipitation at the grain boundaries. The needle-like strengthening phases Ω and θ’ inside the grains
can also be seen. The primary precipitation phase of A201-T7 alloys was Ω phases, and minor θ’ phases
with different orientation can also be observed. It seems that natural aging did not affect the size of
precipitation phases, Ω and θ’, after T7 heat treatment, just as shown in Figure 5d–f. The maximum
length of Ω and θ’ phase of three different natural aged alloys (unaged, 24 h, 96 h) were around 100 nm
and 70 nm, separately. The NA0d alloy had significant prefer-precipitation during T7 tempering [28].
The oversaturation of solute atoms near the grain boundaries would diffuse to the grain boundaries,
forming coarse and discontinuous precipitation phases along with a 200 nm wide precipitation free
zone (PFZ) as shown in Figure 5a. However, for NA1d and NA4d, no obvious PFZ could be found at
the grain boundaries, as shown in Figure 5b,c. This might be due to the clustering of solute atoms
(Cu, Mg), which occurred during natural aging, which would directly transfer to the precipitation
phases (Ω and θ’) during T7 tempering, thus inhibiting the formation of PFZ.
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Figure 3. Fracture surface of A201-T7 alloys after slow strain rate testing: (a) NA0d sample in air;
(b) NA1d sample in air; (c) NA4d sample in air; (d) NA0d sample in salt water; (e) NA1d sample in salt
water; (f) NA4d sample in salt water.

 

Figure 4. Schematic diagram of the diffraction pattern of θ’ and Ω strengthening phases along [011]α
zone in A201-T7 alloy.
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Figure 5. TEM bright field images and the selected area electron diffraction pattern (SAED) of:
(a,d) Alloy NA0d; (b,e) Alloy NA1d; (c,f) Alloy NA4d after T7 tempering.

It is worth noting that the PFZ has the lowest potential compared to CuAl2 phases (θ’ and Ω) and
α matrix in the 2XX series and 2XXX series Al-Cu-Mg alloys [29]. To lower the galvanic corrosion effect,
the inhibition of the formation of PFZ can help prevent SCC [30]. The discussion above is supported by
the polarization test and slow strain rate test results, indicating that naturally aged alloys have better
SCC resistance than unaged alloys.

108



Materials 2020, 13, 5631

4. Conclusions

The effects of natural aging on stress corrosion cracking in A201-T7 alloy were investigated in this
study and the following conclusions can be drawn:

(1) For the as-quenched alloy, the conductivity decrease and the hardness increase during natural
aging. However, the conductivity and mechanical properties (hardness, strength, and elongation)
were unaffected by natural aging after T7 tempering.

(2) Natural aging improved the resistance of A201-T7 alloys to SCC. 24 h aging was sufficient.
Extending the aging time provided no additional benefit.

(3) In the unaged alloys, PFZ existed and brittle fractures could be found on the SCC fracture surface;
for the aged alloys, no PFZ existed, but a combination of fracture types with cleavages and
dimples could be observed on the fracture surface.
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Abstract: In this work, the influence of bending an AA5457 alloy sheet and the resulting microstruc-
tural changes on its corrosion behavior was investigated. Scanning electron microscopy (SEM) and
transmission electron microscopy (TEM) were used to perform detailed microstructural analyses
of the alloy in its original form and after bending. After immersion in naturally-aged NaCl under
open-circuit conditions (0.5 M, adjusted to 3 by HCl), post-corrosion observations were made, and
electrochemical polarization measurements were performed to investigate the corrosion mechanisms
occurring on both surfaces. The results showed that the corrosion of AA5457 is a complex process
that mainly involves trenching around coarse Si-rich particles, crystallographically-grown large pits,
and the formation of multiple tiny pits around Si-rich nanoparticles. The experimental data showed
that bending AA5457 changed the shape and distribution of Si-rich coarse particles, cumulated a
higher dislocation density in the material, especially around Si-rich nanoparticles, and all of these
factors caused that corrosion behavior of the AA5754 in the bending area was lowered.

Keywords: AA5754; corrosion; microstructure

1. Introduction

Due to their high mechanical and anti-corrosion properties, low density, and good
formability, the 5xxx series of Al alloys is widely used in many branches of industry,
particularly in the automotive industry [1–6]. Their chemical composition mainly includes
Al and Mg (up to 7 wt.% Mg), along with secondary additions of Mn and trace amounts
of Cr [7]. Their corrosion resistance arises from a complex combination of factors, but it
strongly depends on the microstructural features of the alloy [8–10]. Several studies have
reported the role of intermetallic particles in the corrosion resistance of Al alloys, and these
particles can be organized by their size and electrochemical behavior with respect to the
Al matrix [11–16]. If the particles are relatively large (a few μm), they are classified as
coarse particles, but nanoprecipitates also often form in Al-Mg alloys. Due to their various
electrochemical properties (anodic/cathodic), they can either suppress matrix dissolution
or have only a small influence on the corrosion of Al alloys [17,18]. Particles rich in Zn or
Si (such as MgZn2 or Mg2Si) are prone to dissolution [19]. Generally, Fe-rich particles, i.e.,
Aln (Fe, Mn), are nobler with respect to the Al matrix and decrease the localized corrosion
resistance of Al alloys depending on the content of other impurities [20–22]. The local
corrosion attack around intermetallic particles has been explained in terms of various
particle behaviors in corrosive media: particle fall-out, selective particle dissolution or
particle dealloying [19,23]. Recent works on the microstructure of alloys have revealed
different types of coarse particles in Al-Mg alloys, depending on the additional alloying
elements.

The second type of local attack also occurs at small precipitates formed in 5xxx series
Al alloys. When the Mg content exceeds 3.0 wt.% and alloys are exposed to temperatures
of 50–225 ◦C, Mg atoms preferentially diffuse from the supersaturated solid solution (α)
to grain boundaries (GBs). Then, the variety of Mg-rich phases changes from metastable
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(β′ and β′ ′) to equilibrium β (Al3Mg2) precipitates at GBs (sensitization) [24–26]. Al3Mg2,
which behaves as an anode with respect to the Al matrix, plays a predominant role in the
corrosion resistance of Al-Mg alloys [19,27–29]; however, due to its small size (~100 nm or
smaller), it is difficult to characterize this phase in situ [30,31]. The quantitative detection
of the dissolution of β precipitates regarding the corrosion behavior of 5xxx alloys has been
thoroughly studied by Guan et al. [25]. Vignesh et al. [32] analyzed the susceptibility to
intergranular corrosion (IGC) of AA5083 and showed that the alloy’s susceptibility to IGC
may be reduced by grain structure refinement, dispersion, and the partial dissolution of
secondary Mg2Al3 in the matrix. This has been confirmed in another study [33], which
showed that the pitting, IGC and exfoliation all depended on the precipitate distribution.
The study suggested that grain refinement can effectively enhance the IGC resistance of the
commercial AA5083-H111. Moreover, the selective dissolution of Al3Mg2 phase in AA5083
also determines its resistance to stress corrosion cracking [34]. In 5xxx Al alloys, pitting is
explained in terms of the formation of a defective oxide film [35] and is strongly dependent
on the NaCl concentration and pH of the solution [36–38].

Since the 5xxx alloys do not respond to age hardening, previous reports regarding the
electrochemical behavior of 5xxx alloys have also focused on post-processing heat-treatment
and/or plastic deformation [39–41]. As stated by Neetu et al. [42], the subsequent annealing
of the AA5080 produced by multi-axial forging at room temperature drastically improved
its corrosion resistance. The homogenization heat treatment of AA5083-O plates after
casting had the optimal effect on the overall corrosion resistance of the material [40]. Various
plastically-deformed (i.e., friction stir processing, accumulative roll-bonding) Al-Mg alloys
have shown better corrosion resistance compared with their parent material [43,44]. In
contrast, extruded AA5083 showed similar overall corrosion resistance compared with
conventional Al-Mg alloys [45].

Clearly, the corrosion behavior of Al-Mg alloys is complex and requires more studies
to distinguish the dependence between the formation of various kinds of localized corro-
sion and their mutual interactions. Although Al-Mg alloys display fairly good corrosion
resistance [46,47], subjecting them to additional cold-forming to produce semi-products or
final elements may change the material’s properties and compromise their electrochemical
behavior. Therefore, the optimization of the corrosion performance of commercially appli-
cable Al-Mg alloys is of critical importance in terms of using these alloys for structurally
lightweight devices and when plastic deformation is necessary to obtain the desired shape
of a design element (i.e., bending). For the needs of this project, we produced part of a
construct using AA5457, which has an optimal combination of mechanical properties and
is lightweight, commercially available, and prone to plastic deformation. In this work,
Al-Mg type AA5754 alloy was used to produce the outer components of an experimental
prototype of a capsule that allows for teleperformance assessment tests and telerehabilita-
tion of sensory diseases (i.e., hearing, sight, smell, balance). The main goal of this study
was to analyze how cold-working can change corrosion resistance of AA5754 (O/H111
according to [48]).

2. Materials

A schematic of the construction design is given in Figure 1a. To prepare a final element
in the form of an adjustable angle plate, a 4 mm-thick sheet made of AA5754 (chemical
composition given in Table 1) was cut into strips and subsequently bent to 90◦ (Figure 1). The
main focus was to determine the influence of microstructural changes induced by bending
on the corrosion behavior of the original AA5754 sheet. To accomplish this, the corrosion
behavior in two specified areas of the final element was measured: in the undeformed area
located at the arm of the bent Sheet (A) and at the bent area (B), as shown in Figure 1b.

112



Materials 2021, 14, 394

Figure 1. The outer design of the transferable capsule used for teleperformance assessment tests and
telerehabilitation: (a), schematic of the outer elements, and (b), locations of corrosion tests.

Table 1. The chemical composition of 5754 alloy in mass% [48].

Si Fe Cu Mn Mg Cr Zn Ti Al

max max max max max max max -
0.40 0.40 0.10 0.50 2.6–3.6 0.30 0.20 0.15 Bal.

3. Methodology

3.1. Microstructure Characterization

Microstructure characterization was performed in two areas (undeformed and bent
areas) using scanning electron microscopy (SEM, Hitachi SU8000, Tokyo, Japan) in back-
scattered electron mode (BSE) with an accelerating voltage of 5 kV. The microstructure was
observed on the cross-section of the Sheet in areas A and B shown in Figure 1b. Specimens
for SEM observations were prepared by grinding samples with up to 1200-grit SiC paper
and ion polishing with a Hitachi IM-4000 ion milling system. The ion milling is a damage-
free process that does not cause surface deformation, eliminates stresses and oxide layers;
therefore, the surface quality is good enough to observe the structure under channeling
contrast using SEM. Structural investigations were combined with an energy dispersive X-
ray (EDX) analysis of precipitates and intermetallic particles. To more thoroughly describe
the role of intermetallic particles, the density of coarse particles was calculated by dividing
the number of counted particles (N) by the studied area (A) of the specimen. Moreover,
their size (A—area) and standard deviation (SD) were calculated using computer software
as per references [49,50].

Detailed microstructural observations of selected areas were performed using a trans-
mission electron microscope (TEM, JEOL 1200, Tokyo, Japan) operating at an accelerat-
ing voltage of 120 kV, and the EDX spectra of the nanoparticles were obtained using a
high-resolution scanning transmission electron microscope (STEM equipped with an EDX
spectrometer, Hitachi S5500). The TEM samples were prepared using twin-jet electropol-
ishing at 3 ◦C/20 V with an electrolyte composed of perchloric acid (HClO4), ethanol and
2-butyxoethanol (type A2 purchased from Struers, Ltd., Ballerup, Denmark) Based on the
observations, the dislocation density (ρ) was calculated using the formula [51]:

ρ =
N

Lrh
(1)

where N is the number of dislocation-line intersections, Lr is the total length of all lines,
and h is TEM sample thickness (h = 150 nm).

3.2. Corrosion Tests and Characterization of Corroded Surfaces

Electrochemical tests were performed in an aerated 0.5 M NaCl acidified to pH 3 by
the addition of hydrochloric acid (HCl) as per reference [52]. The electrolyte was made
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from analytical-grade reagents and distilled water. A FAS1 Gamry potentiostat (Gamry
Instruments, Warminster, PA, USA) was equipped with three electrodes: Pt as the counter
electrode, Ag/AgCl as the reference electrode (Ag/AgCl wire immersed in a saturated KCl
solution), and the measured sample as the working electrode. The corrosion potential (Ecorr)
was recorded during 3 or 6 h of immersion under open-circuit conditions. After immersion,
the corrosion rate of samples was determined using linear polarization resistance (LPR),
and potentiodynamic tests were conducted. LPR data were recorded over a potential range
of Ecorr ± 10 mV at a scan rate of 5 mV/min. After LPR, the samples were conditioned
for 3 min and potentiodynamic tests were performed at a scan rate of 5 mV/s, starting
from −0.5 V/OCP to 2 V/REF at room temperature. To prevent noise, all measurements
were conducted in a Faraday cage. The polarization curves were fitted using Gamry
Elchem software (Gamry Instruments, Warminster, PA, USA) in Tafel mode. To ensure the
reproducibility of the results, all measurements were repeated at least three times on the
same samples. The surfaces of the samples after immersion under open-circuit potential
were observed using a Hitachi SU8000 SEM.

4. Results

4.1. Microstructure Characterization

Figures 2 and 3 show BSE images of the AA5754 alloy in an undeformed area and a
deformed area, respectively. The BSE image shown in Figure 2a at a lower magnification
shows a typical granular microstructure with many large, irregularly-shaped intermetallic
particles randomly distributed in the alloy. The SEM-EDS analysis reveals that there are two
kinds of particles: the white particles marked as P_1 are Al, Mg, Mn, and Fe-rich particles
(Figure 2a,c), and the dark grey precipitates P_2 are composed of Mg, Al, and Si (Figure 2b,c).
In the deformed region (Figure 3), the subsequent bending altered the microstructure of
the material, and the distribution of the intermetallic particles also changed; more coarse
white precipitates were observed in the bending area (Figure 3a). Additionally, during
deformation, a significant strain was introduced into the material and resulting from this,
higher dislocation density occurred [42]. Therefore, a granular structure is not clearly
distinguishable in the BSE contrast image; however, many dislocations, especially multiple
slip bands, are visible (Figure 3b). Similar to the undeformed area, the coarse intermetallic
particles shown in Figure 3c marked as P_1 are mainly enriched in Mg, Al, Mn, and Fe
(Si was detected in the bending area), while those marked as P_2 are composed of Al, Mg,
and Si (Figure 3d).

Figure 2. SEM images of the microstructure of the AA5457 sheet in the undeformed area (A): (a), an
image showing the overall distribution of intermetallic particles, (b), image showing the morphology
and surrounding area of intermetallic particles, and (c), chemical analysis of the intermetallic particles
P_1 and P_2 marked in panels a and b.
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Figure 3. SEM images of the microstructure of the AA5457 sheet in the deformed area (B): (a) and (b),
images showing the overall distribution of intermetallic particles, (c), image showing the morphology
and area surrounding the intermetallic particles P_1 and P_2, and (d), the chemical analysis of the
intermetallic particles P_1 and P_2 marked in panel c.

The density of P_1 particles in the undeformed and deformed areas was comparable,
NA = 0.01 and NA = 0.02 (given in 1 × μm−2), for the undeformed and deformed areas,
respectively; however, after deformation, they showed smaller sizes (Table 2). The SEM
images indicate that there was an abrupt change in the density of P_2 particles before
and after deformation (compare Figures 2a and 3a). The calculations demonstrate that the
density of the P_2 particles changed to NA = 0.001 and NA = 0.01 (given in 1 × μm−2) in
the undeformed and deformed areas, respectively (Table 2). As a result of bending, the
observed particles were slightly smaller in size (Table 2).

Table 2. The mean surface area (A), standard deviation (SD), and number per 1 μm2 (NA) of coarse intermetallic particles
P_1 and P_2.

AA5754 P_1 P_2

Area A (μm2) SD NA (1 × μm−2) A (μm2) SD NA (1 × μm−2)

undeformed (A) 1.09 2.92 0.01 2.74 2.82 0.001
deformed (B) 0.59 1.68 0.02 2.33 3.89 0.01

SEM structural analysis was complemented by TEM observations. Figure 4 presents
TEM images of the undeformed (Figure 4a–c) and deformed regions (Figure 4d–f). The
coarse grains (Figure 4a) contained only a few dislocations in the grain interior (Figure 4b).
TEM investigations also revealed the presence of small uniformly-distributed nanoparticles,
as illustrated in Figure 4c. The observed particles have sizes from 50–200 nm and are rich
in Si and Mn (the chemical composition is presented below Figure 4f).
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Figure 4. TEM images of the microstructure of the AA5457 sheet in the undeformed area (A): (a,b), images showing the
overall grain boundaries and dislocation structure, and (c), image showing the overall distribution of nanosized intermetallic
particles. TEM images of the microstructure of the AA5457 sheet in the deformed area (B): (d,e), images showing the increase
in the dislocation density and the formation of cellular dislocation structures and slip bands, and (f), image showing an
increase in the dislocation density around nanosized intermetallic particles. The representative chemical composition of a
nanoparticle is presented below panel (f).

The results from the deformed region clearly show an increase in the number of
dislocations compared with the undeformed section. The dislocation density increased by
nearly an order of magnitude, from 4.5 × 1012 m−2 in the undeformed region (Figure 4b)
to 4.4 × 1013 m−2 in the deformed region (Figure 4d,e). This is a typical phenomenon for
deformed metallic materials. It should be noted that dislocations are distributed rather
uniformly; however, in some regions, the formation of characteristic cellular structures
(Figure 4d) and slip bands (Figure 4e) was observed. Moreover, an increase in the dislo-
cation density was also observed around Si and Mn-rich nanoparticles (Figure 4f). Hard
intermetallic particles pin dislocations during deformation, resulting in the formation of
many dislocations around such particles.

4.2. Corrosion Testing
4.2.1. Electrochemical Testing

Ecorr measurements recorded in naturally-aerated 0.5 M NaCl adjusted to pH 3 are
shown in Figure 5. The evolution of Ecorr in both samples exhibits a similar trend, with a
rapid initial increase followed by a longer-term stabilization. The Ecorr of the undeformed
sample started at −0.78 V/REF, and increased to around −0.70 V/REF after the first 5 min
of immersion. It maintained a near steady-state value of −0.70 V/REF for the remainder of
the experiment. The initial increase of Ecorr in the deformed area began from −0.94 V/REF
and reached −0.72 V/REF after 10 min immersion. Then, a small but stable decline in Ecorr
to −0.78 V/REF was observed at the end of the experiment. The initial rapid increase in
Ecorr for both alloys may be related to the extensive corrosion and passivation processes [53],
while the slight fluctuations observed in the Ecorr curves were attributed to the pitting
process caused by the constituents formed in the alloy [54–56].
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Figure 5. The Ecorr measurements recorded during 6 h of immersion in 0.5 M NaCl (pH 3) in
the undeformed and deformed areas of AA5754. SEM observations were made after 3 and 6 h of
immersion, as marked by the dashed lines.

The potentiodynamic polarization curves recorded for the undeformed and deformed
samples of AA554 after 3 and 6 h of immersion under open-circuit conditions are given in
Figure 6. All curves exhibit similar trends with passive regions, which suggests an anodic
control of the corrosion processes. All curves exhibit a wide passive region when the current
density plateaued, extended by 0.04 V in the undeformed area (both 3 and 6 h immersion),
to around 0.05 V for the deformed area after 3 h of immersion, and 0.07 V for the deformed
area after 6 h of immersion [57] Simultaneously, there is a shift in the pitting current, ip,
which is the lowest for the undeformed area (after both periods of immersion). The pitting
current, ip, shifted to higher values for the deformed areas after 3 h of immersion and
continued to increase over time. Afterwards, an abrupt change in the current density was
observed, which indicates the position of the pitting potential (Epit) [25,42,58]. The pitting
potential for both undeformed samples has the same value of Epit = −0.68 V/REF (Table 3).
Slightly more positive pitting potentials were recorded for the deformed samples, with Epit
= −0.64 V/REF after 3 h of immersion. Increasing the immersion time to 6 h decreased the
pitting potential of the deformed area to Epit = −0.66 V/REF (after 6 h of immersion). The
numerical values of pitting corrosion resistance (Rpit) may be described by the difference
between pitting potential and corrosion potential, Epit and Ecorr [59,60]

Figure 6. The electrochemical curves obtained after 3 and 6 h of immersion in 0.5 M NaCl (pH 3) for undeformed and
deformed areas of the AA5754: (a), potentiodynamic polarization curves, and (b), pitting susceptibility of analyzed materials
calculated using Formula (1).
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Table 3. The corrosion potential (Ecorr), pitting potential (Epit), corrosion current density (icorr), and
corrosion rate calculated after 3 and 6 h of immersion in naturally-aerated 0.5 M NaCl (pH 3) for the
undeformed and deformed areas of AA5754.

Electrochemical Parameters

Sample Area and Immersion Time

Undeformed Deformed Undeformed Deformed

After 3 h of Immersion After 6 h of Immersion

Ecorr (V/REF) −0.84 −0.88 −0.82 −0.86
Epit (V/REF) −0.68 −0.64 −0.68 −0.66

icorr (μA·cm−2) 18.6 34.1 31.6 32.7
Corrosion rate (mpy) 1.8 2.6 2.6 9.5

Rpit =
∣∣Ecorr − Epit

∣∣ (2)

Considering the data presented in Figure 6b, the smallest difference between Ecorr
and Epit was calculated for the undeformed area of the sample for both immersion periods
(Rpit = 0.16 after 3 h of immersion, and Rpit = 0.14 after 6 h of immersion), suggesting that
the undeformed area is less-resistant to localized corrosion.

Regardless of immersion time, the deformed area of the alloy showed the greatest Rpit
= 0.22V. The higher R and ip values of the deformed areas were attributed to the weakened
passivation properties [59,60].

The extrapolated from Tafel plot data show corrosion potentials of Ecorr = −0.84 V/REF
and Ecorr = −0.82 V/REF for the undeformed areas immersed for 3 and 6 h, respectively.
Corrosion potentials registered for the deformed areas had slightly lower values than
the corrosion potentials of the undeformed areas, with values of Ecorr = −0.88 V/REF
and Ecorr = −0.86 V/REF after 3 and 6 h of immersion, respectively (Table 3). To further
view the overall corrosion behavior of the analyzed materials, LPR data were recorded
after 3 and 6 h of immersion. The corrosion rates after 3 h of immersion were 1.8 mpy
for the undeformed region, and almost twice as high (2.6 mpy) for the deformed region
of the material (Table 3). After 6 h of immersion, the corrosion rate in the undeformed
area increased slightly to 2.6 mpy, and the corrosion rate of the deformed area reached a
significantly higher value of 9.5 mpy.

4.2.2. SEM Observations after Immersion

A comparison of the Ecorr measurements under open-circuit conditions and surface
analysis can be used to characterize the effect of immersion time on the microstructure-
dependent corrosion processes. The corrosion morphologies of the undeformed and deformed
areas after immersion in 0.5 M NaCl at pH 3 are presented in Figures 7 and 8, respectively. The
SEM images in Figures 7 and 8 clearly show that the corrosion of AA5754 is a complex process
that involves several microstructure-dependent corrosion mechanisms. At the beginning of
the experiment, the main corrosion attack on both the undeformed and deformed samples
occurred around the Si-rich intermetallic particles (marked as P_2 in Figures 7a and 8b), while
Fe-rich particles remained unreactive (marked as P_1 Figures 7a and 8b). The local corrosion
attack around the Si-rich constituents led to cavitation around the particles, as previously
observed [61]. Moreover, SEM investigations clearly indicate that after 3 h of immersion,
trenching was more intense around the particles on the deformed area (compare Figures 7a
and 8b). In both cases, trenching became more severe over time (Figures 7d and 8d), and
when two P_2 particles were relatively close to each other, trenching spread from one particle
to the other, as shown in Figure 7d.
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Figure 7. Post-corrosion observations of AA5754 in the undeformed area (A) after immersion under open-circuit conditions.
Images taken after 3 h of immersion showing: (a), the propagation of crystallographically-grown pits, (b), trenching around
Si-rich (P_2) particles, and (c) high-magnification image of tiny pits. Images taken after 6 h of immersion showing: (d),
the propagation of crystallographically-grown pits, (e), trenching around Si-rich (P_2) particles, and (f) the formation of
tiny pits.

Figure 8. Post-corrosion observations of AA5754 in the deformed area (B) after immersion under open-circuit conditions.
Images taken after 3 h of immersion showing: (a), the propagation of crystallographically-grown pits, (b), the trenching
around Si-rich (P_2) particles, and (c), a high-magnification image of tiny pits. Images taken after 6 h of immersion showing:
(d), trenching around Si-rich (P_2) particles, (e), corrosion products around Fe-rich (P_1) particles, and (f), the formation of
tiny pits.

SEM observations confirmed that after immersion in 0.5 M NaCl (pH 3) trenching
occurred around Si-rich particles over the entire analyzed sample surface. Besides intense
local corrosion around Si-rich particles, after 3 h of immersion, highly-pronounced local
pitting corrosion presented in the form of several superficial crystallographically-grown
pits in the original and deformed areas of AA5754 (Figures 7b and 8a) was formed. As
the experiment duration increased, more crystallographically-grown pits were observed
on the original material compared with the deformed area. Crystallographically-grown
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pits limited by perpendicular standing walls of the crystallographic lattice have been
previously observed on Al and Al alloys, and the pit growth kinetics have been previously
explained [62–66]. It was also demonstrated that in acidic chloride-containing solutions, the
general mode of pit propagation is corrosion tunneling [62]. Considering the deformation
effect on corrosion mechanisms on AA5754 after 3 h of immersion, minor differences were
observed regarding the shape of crystallographically-grown pits (compare Figures 7a and
8b), but not their amount. As the experiment duration increased, more crystallographically-
grown pits were observed on the surface of the original material, and some underwent
further lateral spreading, while on the deformed area after 6 h of immersion, only a few
crystallographically-grown pits were observed, suggesting that no new pits were grown on
the deformed area. The locally-formed crystallographic pits on the undeformed material
spread laterally on the surface, whilst the pits on the deformed sample seemed to propagate
into the depth of the material. Some pits were created around Si-rich particles (type P_2),
as shown in Figure 7e and the inset in Figure 8c. In many areas of the observed samples,
these kinds of pits were created after the trenches formed around P_2 particles.

Apart from the microgalvanic coupling between Si-rich particles and the matrix, or
the large crystallographically-grown pits, very tiny metastable ellipsoidal pits formed on
the surface of both areas (Figure 7c,f—undeformed areas after 3 and 6 h of immersion,
respectively; Figure 8c,f—deformed areas after 3 and 6 h of immersion, respectively).
These pits grew larger with the experiment duration (Figures 7f and 8f); however, when
comparing Figures 7c and 8c, it is visible that more and deeper pits were created on the
deformed area of the sample. Moreover, after 6 h of immersion, loosely-adhered corrosion
products were formed on the deformed area of the sample, especially in the locations where
two Fe-rich particles (P_1) were located relatively close to each other (Figure 8e).

5. Discussion

The results of this work show that the observed trenching around Si-rich coarse
particles depends on their number and distribution, and the increased amount of these
particles in the deformed area resulted in more localized corrosion initiation, which was
one of the reasons for its lower corrosion resistance.

As demonstrated in this work, the corrosion that occurred around Si-rich particles
in the deformed area of the material was more severe than the corrosion around the
same type of particles in the undeformed area of AA5457. This phenomenon is related
to the increased number of particles in the material after deformation and due to their
mutual interaction with the matrix, particularly particle-dislocation interactions. In our
opinion, the cumulative stress occurring during deformation was sufficient to cause particle
fragmentation. The increased number of hard coarse particles provided more locations
where trenching could occur, and the intensity of such trenching is related to particle-
dislocation interactions. As is commonly known, the hard coarse particles are the places
where deformation-induced dislocation movement is blocked, leading to the formation of
a high concentration of dislocations around them [67].

The chemical composition of the coarse particles is also important, considering their
corrosion behavior in chloride-containing solution. The Si-rich coarse intermetallics ob-
served in AA5754 also contained Mg and Al. Previous reports have clearly indicated that
the rapid dissolution of Mg from intermetallics occurs during exposure, which leads to the
rapid dealloying of these particles [21,24,61,68,69]. The results of previous studies [68,69]
explain the mechanism of Mg and Al dissolution from the coarse particles composed mainly
of Mg and Si in Al-Mg-Si alloys. The results of this research show that at the beginning
of immersion, the preferential and selective dissolution of Mg occurs, and thus, the Volta
potential of the particle changes, which also changes the nature of Mg-containing particles
from anodic to cathodic, forming a galvanic couple with the Al matrix. The results of this
work show that the increased trenching around Si-rich particles in the deformed area was
a result of the cracking of these particles induced by the cumulative stresses generated
during deformation. During deformation, the coarse hard particles blocked the dislocation
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movement; therefore, a higher dislocation density was formed near such particles. As the
locally-formed galvanic cells approach equilibrium, the cathodic particle forces the galvanic
dissolution of the anodic matrix, leading to matrix corrosion. The increased dislocation
density near the coarse particles promotes the corrosion reactions, leading to more intense
trenching around the particles rich in Mg and Si. The reason for this is a higher dislocation
density formed in the bent area of the sample, which promoted pit propagation in the
depth due to their less-ordered structure [58,70]. This hypothesis is indisputably confirmed
by the results presented in this work. It is also worth noting that Fe-rich particles remained
unreactive throughout the entire experiment; however, their presence, especially when
located relatively close to each other, may enhance corrosion product formation.

Another discrepancy that needs to be explained is that Aballe et al. [71] did not observe
any relationship between the formation of crystallographic pitting and the existence of
intermetallic particles, but Neetu et al. [42] claimed that pit initiation occurred at particles
rich in Fe and Mn. We observed spontaneously-formed pits on the undeformed samples;
however, in contrast to both works, our observations indicate that crystallographic pit
growth is often initiated in the areas occluded by secondary particles enriched with Si.
Moreover, this observation is supported by the fact that corrosion attack around Si-rich
particles occurred before crystallographically-grown pits were formed. In a separate set of
experiments, we observed trenching around Si-rich particles, but we did not observe any
crystallographically-grown pits on the samples immersed for one hour in the same solution
(data not published). Since pitting attack is considered to be an autocatalytic process in the
active areas, it is reasonable to assume that the higher number of Si-rich coarse particles
provided more sites were localized corrosion may be initiated. These places are prone to
coalescence and form laterally-spreading local corrosion.

The second type of corrosion that occurred on the AA5754 alloy is microgalvanic
corrosion between Si-rich nanoparticles and the alloy matrix. The observations showed that
tiny pits were created around Si-rich nanoparticles, and the corrosion damage around them
was more severe in the deformed area. Although the deformation-induced stress was not
sufficient to change the size or distribution of the observed nanoparticles, our experiments
clearly show that the nanoparticles in the deformed area with a high dislocation-stacking
fault density around them promoted the formation of many deep tiny pits.

6. Conclusions

Based on the results of this work, the following conclusions can be drawn:

• The AA5754 alloy undergoes microstructure-dependent corrosion attack.
• The bending that was applied to obtain the desired shape of the design elements made

from AA5754 affected the corrosion resistance of the alloy—the bent areas were more
susceptible to corrosion than the original material.

• The lower corrosion resistance of the bent areas was related to the bending-induced
microstructural changes, such as the increased density of Si-rich coarse particles and
nanoparticles, the increased dislocation density around them, and their mutual interactions.
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Abstract: In this work, the effects of the microstructure and phase constitution of cast magnesium
alloy ZK60 (Mg-5.8Zn-0.57Zr, element concentration in wt.%) on the corrosion behavior in aqueous
NaCl (0.1 mol dm−3) were investigated by weight-loss measurements, hydrogen evolution tests,
and electrochemical techniques. The alloy was found to be composed of α-Mg matrix, with large
second-phase particles of MgZn2 deposited along grain boundaries and a Zr-rich region in the
central area of the grains. The large second-phase particles and the Zr-rich regions were more
stable than the Mg matrix, resulting in a strong micro-galvanic effect. A filiform corrosion was
found. It originated from the second-phase particles in the grain boundary regions in the early
corrosion period. The filaments gradually occupied most areas of the alloy surface, and the general
corrosion rate decreased significantly. Corrosion pits were developed under filaments. The pit growth
rate decreased over time; however, it was about eight times larger than the general corrosion rate.
A schematic model is presented to illustrate the corrosion mechanism.

Keywords: ZK60 magnesium alloys; microstructure; filiform-like corrosion; corrosion pit

1. Introduction

Magnesium (Mg) alloys have been widely applied as lightweight engineering materials due to
their unique properties [1–8]. As commercial Mg-Zn-based alloys, ZK60 (Mg–Zn–Zr) alloys [9] have
attracted great interest from researchers due to their high strength [10–12]. The microstructure [13,14],
mechanical properties [15–17], and biological applications [18,19] of ZK60 alloys have been studied
widely in recent decades. It has been verified that microstructure evolution is essential for the
mechanical properties of ZK60 alloys, grain refinement, and stable precipitates, having vital effects on
improving the mechanical properties [20–23]. Nevertheless, the weak corrosion resistance of ZK60
alloys limits their further applications.

The microstructure of Mg alloys, especially their second phases, has an evident impact on their
corrosion behavior [3,5]. The second phases of Mg alloys may have a dual role in their corrosion,
i.e., a galvanic acceleration effect or a corrosion blocking effect, depending on their quantities and
distribution [24–26]. In Mg-Al alloys, when the amount of aluminum (Al) is low (e.g., Mg-5Al),
the β-phase (Mg12Al17) is relatively discontinuous in the Mg matrix and mainly acts as a cathode
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phase to accelerate the dissolution of the matrix. As the content of the Al element increases (e.g.,
Mg-10Al), the β-phase precipitates are tiny and continuously distributed along the grain boundaries,
producing a barrier to prevent corrosion [27]. The similar effect of the second phase was reported in
other Mg alloys [28,29]. However, the effect of the second phase in ZK60 alloys on their corrosion
behaviors is barely reported. Some researchers tried to enhance the corrosion resistance of ZK60
alloys by modifying their microstructure through heat treatment [30,31], deformation processing [32],
and alloying [33–36]. Even so, the relationship between the microstructure and corrosion behavior of
ZK60 alloys needs more studies for it to be investigated.

Some studies reported the corrosion behavior of ZK60 alloys on different occasions.
Cheng et al. [37] pointed out that the Zr element in ZK60 alloys refined the grain and purified
the alloy composition, which could improve its corrosion resistance in 1 M NaCl. Zeng et al. [38]
investigated the effects of the microstructure and concentration of NaCl (3.5 and 5.0 wt.%) on the
corrosion behavior of an extruded ZK60 alloy. They found that an increase in the grain size of the ZK60
alloy accelerated its corrosion rate. The alloy microstructure played a crucial role in the pitting and
intergranular corrosion. Xu et al. [39] reported that the corrosion rate of a cast ZK60 alloy decreased
with the immersion time in solutions containing 3.5 wt.% NaCl, NaBr, and NaI, while it displayed
passivation in 3.5 wt.% NaF solution. Apart from the above reports, some studies focused on the
biodegradation behavior of ZK60 alloys in Hank’s solution, Ringer’s solution, simulated body fluid,
and artificial urine for biomedical applications [40–43]. The biodegradable property of the ZK60 alloys
is the interesting issue in these investigations. In general, the above research usually concentrated
on the uniform corrosion of ZK60 alloys, and little attention was paid to the development of their
local corrosion. The influence of microstructure on the local corrosion of ZK60 alloys is still not clearly
understood, especially the effect of the second phase.

In this study, a commercial cast ZK60 alloy was selected as the test material. Its microstructure
was characterized by X-ray diffraction (XRD), scanning electron microscopy (SEM), energy-dispersive
X-ray spectroscopy (EDX), and scanning Kelvin probe force microscopy (SKPFM) analysis. The general
and local corrosion of the alloy in 0.1 M NaCl was investigated using weight loss tests, hydrogen
evolution tests, and electrochemical measurements, as well as corrosion morphology monitoring with
an optical microscope and SEM. The effect of the microstructure of the cast ZK60 alloy, especially the
second phase and the distribution of alloying elements, on the corrosion initiation and developmental
features of the alloy were investigated, and the mechanisms involved were studied. This work will
help to verify the relationship between the microstructure and the corrosion behavior of ZK60 alloys.
Moreover, it may also provide a theoretical basis for improving the corrosion resistance of ZK60 alloys
by adjusting the microstructure in future research.

2. Materials and Methods

2.1. Test Material and Solution

A commercial as-cast ZK60 alloy was used in this study. Table 1 presents its chemical composition,
analyzed by inductively coupled plasma-atomic emission spectrometry (ICP-AES, SPECTRO, Kleve,
Germany). All the solutions used in this work were prepared with analytical-grade reagents and
distilled water. The test solution was 0.1 M NaCl under an open-air condition, which was controlled at
25 ± 1 ◦C with a water bath.

Table 1. Chemical composition of the cast ZK60 alloy (wt.%).

Zn Al Fe Ni Cu Zr Mg

5.80 <0.01 <0.01 <0.01 <0.01 0.57 Bal.
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2.2. Microstructure Characterization

The cast ZK60 samples (10 × 10 × 10 mm3) were sealed with epoxy resin (working area = 1.0 cm2),
ground with 2000 grit SiC paper, and polished with 3 μm diamond paste. Then, they were etched with
a picric acid solution for metallographic analysis. The metallographic structure of the cast ZK60 sample
was observed using a 3D optical microscope (VHX-1000, KEYENCE, Osaka, Japan), SEM (Quanta 200,
FEI, Eindhoven, The Netherlands) equipped with EDX (EDAX-Genesis), and transmission electron
microscopy (TEM). The TEM sample was firstly mechanically ground to a thickness of about 20 μm,
and then, it was ion milled at 4 keV and 4◦, cooled by liquid nitrogen. TEM observations were
carried out with an FEI Talos F200X transmission electron microscope (FEI, Portland, OR, USA)
operated at 200 kV. The element content and elemental distribution of the cast ZK60 sample were
characterized by EDX and an electron probe micro-analyzer (EPMA-8050G, SHIMADZU, Kyoto, Japan),
respectively. Phase structure analysis was performed by XRD (X’Pert PRO, PANalytical B.V., Almelo,
The Netherlands) using Cu Kα radiation. The scan range of 2θ was from 20◦ to 90◦ with a scan step of
0.02◦. The XRD pattern was analyzed with the X’Pert HighScore Plus software (2.0, PANalytical B.V.,
Almelo, The Netherlands). SKPFM (SPM-9700, SHIMADZU, Kyoto, Japan) was used to measure the
relative Volta potential differences among different microstructural constituents to show their relative
nobility. Meanwhile, the corresponding topography maps of the same area were also obtained.

2.3. Electrochemical Tests

All the electrochemical tests were carried out using a CS 350 Corrtest electrochemical workstation
(Wuhan Corrtest, Wuhan, China). The working electrode (10 × 10 × 10 mm3) was sealed with epoxy
resin (working area = 1.0 cm2), which was ground with 2000 grit SiC paper and rinsed in distilled
water and ethanol. A saturated calomel electrode (SCE) and a platinum (Pt) electrode were used as
the reference electrode and the counter electrode, respectively. Polarisation curves were generated
and electrochemical impedance spectroscopy (EIS) was performed, respectively, at different corrosion
times. At free corrosion potentials (Ecorr), the EIS tests were performed with an AC voltage amplitude
of 10 mV in the frequency range of 100 kHz–0.05 Hz. The EIS results were fitted with the Zview2.0
software. The polarization curves were generated at the scan rate of 0.5 mV s−1, scanning towards
the positive direction. The corrosion current density (icorr, mA cm−2) was estimated by the cathodic
Tafel extrapolation method, according to [5,44]. The corresponding corrosion rate (Pi, mm y−1) was
converted by the equation [5,45]:

Pi = 22.06icorr (1)

where the corrosion current density icorr is estimated by the Tafel extrapolation of the cathodic branch
of the polarization curves, and Pi is related to the average corrosion rate.

All the electrochemical tests were repeated at least three times in this study.

2.4. Weight Loss Tests

The cast ZK60 specimens (20 × 20 × 4 mm3) were ground with 2000 grit SiC paper, rinsed in
distilled water and ethanol, dried with cold air, and kept in a vacuum desiccator before the weight
loss test. The specimens were corroded in 0.1 M NaCl for different times and then immersed in a
CrO3 solution (180 g L−1, ~25 ◦C) for 10 min to remove corrosion products. At least three parallel tests
were performed under each test condition. The average weight loss rate of the cast ZK60 alloy (ΔW,
mg cm−2 h−1) can be converted to a general corrosion rate Pw (mm y−1) using [5,44]:

Pw = 3.6524ΔW/ρ (2)

where ρ is the metal density (g cm−3). For the cast ZK60 alloy, ρ= 1.8 g cm−3; thus, Equation (2) becomes:

Pw = 48.67ΔW (3)
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2.5. Hydrogen Evolution Tests

Following the work of Shi [46], plug-in specimens were employed to perform the hydrogen
evolution test in 0.1 M NaCl at room temperature (~25 ◦C). Figure 1 presents the schematics of the test
system. The cast ZK60 specimens (10 × 10 × 10 mm3) were treated as the above weight loss samples.
The evolved hydrogen was collected into a burette, and its volume (VH, mL cm−2) was recorded at
different times. The hydrogen evolution rate, vH (mL·cm−2 day−1), can also be converted to a general
corrosion rate, PH (mm y−1), using [5,44].

PH = 2.2 vH (4)

 
Figure 1. Schematic diagram of the test system for the hydrogen evolution measurement.

2.6. Corrosion Morphology Characterization

The etched metallographic specimens were placed in 0.1 M NaCl, where the solution thickness on
the sample surface was about 1 mm, to observe the corrosion development in the initial period (0–1 h)
in situ using a 3D optical microscope (KEYENCE VHX-1000). The corrosion morphologies of the cast
ZK60 samples corroded in 0.1 M NaCl for different times were measured by SEM and with the 3D
optical microscope. The cross-section corrosion morphologies and the elemental distributions were
analyzed by EPMA (EPMA-8050G).

3. Results and Discussion

3.1. Microstructure of the Cast ZK60 Alloy

Figure 2 shows the optical and the back-scattered electron (BSE) SEM micrographs of the cast ZK60
alloy. The microstructure of the cast ZK60 alloy was composed of anα-Mg phase and large second-phase
particles, which were mainly deposited along the grain boundaries (Figure 2a,b). According to [47,48],
the main components of these particles are Mg and Zn and may be MgZn2 and MgZn. The XRD pattern
of the cast ZK60 alloy in Figure 3 only displays the presence of MgZn2. No discernable diffraction
peaks from MgZn were detected in this work, which suggests no MgZn phase in the studied alloy; also,
there is no Zr detected, maybe due to its low content in the test sample. However, the XRD patterns
cannot give accurate structural information for the second phase. Therefore, the crystal structures of
the abovementioned second phases were characterized using TEM in detail as follows.

To further verify the second phase in the as-cast ZK60 alloy, Figure 4 presents the TEM micrograph
of the as-cast ZK60 alloy. Block-shaped and globular second-phase particles can be observed in Figure 4.
The blocky phase has a size of about 500 nm, and the globular phase is about 100 nm. Figure 4 also
presents the corresponding selected area electron diffraction (SAED) patterns of the second phase.
The SAED patterns proved that the two second-phase particles were MgZn2 [49]. No MgZn phase was
found in the as-cast ZK60 alloy.
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Figure 2. (a) Optical and (b) BSE-SEM micrographs of the cast ZK60 alloy.

 
Figure 3. XRD pattern of the cast ZK60 alloy.

The BSE-SEM micrograph in Figure 2b indicates the nonuniform distribution of the alloying
elements in the cast ZK60 because the brighter areas contain more elements of higher atomic weight
than the darker regions [50]. Figure 5 presents the area distribution of the alloying elements in the
cast ZK60, proving that the center area of the grains with light color was richer in Zr and Zn (Zr-rich
region) than the neighboring darker zones (grain boundary region). Here, the “grain boundary region”
of the as-cast ZK60 is denoted as the areas between the Zr-rich region, i.e., the dark areas in Figure 2b.
This uneven distribution of the alloying elements in the cast ZK60 alloy may cause the inhomogeneous
electrochemical activity resulting in the micro-galvanic corrosion [51].

Figure 6 presents the SKPFM maps of the cast ZK60 sample, which clearly show that the second
phase had the highest potential. Furthermore, the Volta potential profiles (Figure 6c) along the line A
and line B indicated that the central region of the grains (i.e., Zr-rich region) exhibited higher potential
than those of the grain boundary regions, owing to the higher Zr and Zn contents in the center of grains
and higher Mg content in the grain boundary regions (Figure 5). Thus, the second-phase particles and
the central region of the grains should be more stable than the Mg matrix in grain boundary regions
and more likely to become cathodes in the micro-galvanic cells. A second-phase particle occurred in
the grain area (Figure 6a), which is consistent with Figure 2a, so the micro-galvanic corrosion may also
have been initiated in the grains.
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Figure 4. TEM micrograph of the cast ZK60 alloy and the corresponding selected area electron
diffraction (SAED) patterns of the second-phase particles.

 
Figure 5. BSE-SEM image of the cast ZK60 alloy and the corresponding area distributions of Mg, Zn,
and Zr.
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Figure 6. (a) Scanning Kelvin probe force microscopy (SKPFM) topography map; (b) Potential map of
the same area; (c) Volta potential profiles along lines A and B in the SKPFM image.

3.2. Weight Loss Tests

Figure 7 shows the ΔW (mg cm−2 h−1) and Pw (mm y−1) values of the cast ZK60 alloy immersed
in 0.1 M NaCl for different times (t). The Pw at 24 h was the largest (3.5 ± 0.1 mm y−1), which is
similar to that of a cast ZK60 in 0.9% NaCl (4.6 ± 0.6 mm y−1) reported by Merson et al. [52]. Then,
it gradually decreased by approximately half to a relatively stable value (1.4~1.7 mm y−1) over 72–96 h.
The decrease in Pw over 72–96 h may have been related to the increase in the corrosion product layer
Mg(OH)2 on its surface [53].

 
Figure 7. Corrosion rates (ΔW and PW) of the cast ZK60 alloy after immersion in 0.1M NaCl for different
times measured by weight loss tests.

3.3. Hydrogen Evolution Tests

Figure 8 presents the hydrogen evolution test results for the cast ZK60 alloy to show the change in
its corrosion rate in detail, in which vH is the differentiation of the VH-t curve in Figure 8a and PH is
calculated by Equation (4). The VH at 24 h (Figure 8a) was about 0.7 ± 0.03 mL cm−2, which is higher
than that of an extruded ZK60 (~0.5 mL cm−2) [54]. The PH value (Figure 8b) increased with time in
the initial corrosion period (0–1.5 h) and then decreased over 1.5–48 h; at last, it increased again over
48–72 h. These results imply that there exist different corrosion stages in the periods of 0–2 h, 2–48 h,
and 48–72 h, which may be related to the change in the alloy surface condition. According to Song [24],
the total volume of hydrogen collected should equal the total amount of metal lost, and both the weight
loss and hydrogen evolution tests were reliable methods. Even though the hydrogen evolution rate PH

we measured is slightly lower than the weight loss corrosion rate Pw, which may be caused by the
difference in the test methods, they generally show similar change tendencies.
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Figure 8. Changes in (a) VH and (b) PH of the cast ZK60 alloy as a function of time measured by the
hydrogen evolution test in 0.1M NaCl.

3.4. Polarisation Curve Measurements

Figure 9 presents the polarization curves of the cast ZK60 alloy after immersion in 0.1 M NaCl for
different times and the changes in its corrosion rates (icorr and Pi) with time. All the polarization curves
showed the typical features of activation-controlled processes [55,56]. A so-called breakdown potential
(Ebreak) occurred in the anodic polarization curves (except t = 2 h), owing to the breakdown of the oxide
film on the alloy [57], as shown in Figure 9b. Ecorr (Figure 9a) and Ebreak (Figure 9) moved positively in
the period of 0–24 h and then became negative again, while Pi and icorr (Figure 9b) displayed a similar
change with corrosion time to that of PH as shown in Figure 8b, which is consistent with previous
reports [38,58]. The icorr and Pi values in Figure 9b are much smaller than the Pw (Figure 7) and PH

(Figure 8b) values. Similar results from other Mg alloys have been discussed in detail in [44]. However,
they displayed a similar change tendency. All these results also suggest that there may be different
corrosion stages in the corrosion periods of 0–2 h, 2–24 h, and 24–72 h.

Figure 9. (a) Polarization curves of the cast ZK60 alloy immersed in 0.1 M NaCl for different times;
(b) Changes in the icorr, Pi, and Ebreak with time (25 ◦C).

3.5. EIS Measurements

Figure 10 presents the EIS of the cast ZK60 alloy immersed in 0.1 M NaCl for different times
and the change in Rp (polarization resistance) as a function of time. All the Nyquist plots display
two capacitive loops in the high-frequency region and an inductive loop in the low-frequency region,
which is similar to the EIS features of other Mg alloys [59]. The capacitive loops are related to the
processes in the surface film and the electrical double layer [60], and the inductive loop should be
attributed to the initiation of the localized corrosion on the surface of the cast ZK60 alloy according
to [61–63]. Based on these EIS features, Figure 11 presents an equivalent circuit to fit the EIS results in
Figure 10a [58,59,64,65]. Rs is the solution resistance. CPEf and CPEdl represent the constant phase
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elements (CPE) for the surface film and the electrical double layer, respectively. Rf and Rct represent
the surface film resistance and charge-transfer resistance, respectively. RL and L represent equivalent
resistance and inductance to describe the low-frequency inductance. It should be noted that Rct is the
parallel of the charge-transfer resistance of the anodic process and the cathodic process (Rct,a and Rct,c)
at Ecorr [63]. The fitting curves are also displayed in Figure 10a, and the fitting parameters are listed in
Table 2.

 
Figure 10. (a) Nyquist plots measured at Ecorr for the cast ZK60 alloy immersed in 0.1 M NaCl for
different times; (b) Rp–t curves at 25 ◦C.

 
Figure 11. Equivalent circuit used to model the electrochemical impedance spectroscopy (EIS) response
of the cast ZK60 alloy in 0.1 M NaCl.

Table 2. Fitting parameters of the EIS results in Figure 9a.

Time
h

Rs

Ω·cm2
Rct

Ω·cm2
CPEdl-T

μFcm−2Hz1−n1
CPEdl-P

n1
Rf

Ω·cm2
CPEf-T

μFcm−2Hz1−n2
CPEf-P

n2
RL

Ω·cm2
L

H·cm2
Chi-Squared

Error

0.5 32 26 22 0.87 759 16 0.69 1360 2359 1.55 × 10−2

2 65 14 67 0.87 502 21 0.96 1224 1143 1.02 × 10−2

12 47 37 26 0.85 1254 50 0.89 2686 8005 1.33 × 10−2

24 40 179 38 0.79 1546 22 0.88 5865 16,588 1.23 × 10−2

48 27 58 37 0.81 1453 48 0.87 3429 9781 1.48 × 10−2

72 28 34 38 0.83 1390 59 0.88 3557 9029 1.67 × 10−2

According to [59,66,67] and the results in Table 2, the fitting curves can be extrapolated to the
zero-frequency limit to obtain the polarization resistance (Rp) at different times. Therefore, the Rp–t
curve was obtained as shown in Figure 10b. Rp decreased with time over 0–2 h, indicating corrosion
acceleration, and then, Rp clearly increased between 2 and 24 h before decreasing slightly over 24–72 h.
In this case, the change in Rp with t is consistent with that of Pi (Figure 9b). The Rt and Rf values in
Table 2 show the same change tendencies as those for Rp. The change in the CPEdl, CPEf, RL, and L
with t should be closely related to the surface layer of the cast ZK60 alloy [59]. The specific changes in
these EIS results are discussed later.
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3.6. Corrosion Morphology of the Cast ZK60 Alloy

To observe the real-time corrosion development in the initial period (0–1 h), Figure 12 presents
the in situ corrosion images of the etched sample after immersion in 0.1 M NaCl for different times.
In the initial period (20 min, Figure 12a), there was no apparent corrosion, with a limited number of
H2 bubbles observed on the surface, implying a slight corrosion state. This slight corrosion should
be related to the protective film on the alloy surface impeding the corrosion in the initial period [68].
Over 40–60 min (Figure 12b,c), some dark threads appeared on the surface, which lengthened with time
and displayed filiform-like corrosion characteristics. In this period, H2 bubbles constantly evolved
at or near the leading edges of the dark threads, leaving cloudy trails behind them. The magnified
picture in Figure 12d suggests that the corrosion filaments seem to traverse within the grain boundary
regions and do not extend toward the center of the grains in the initial stage of expansion, which is
further verified later. These corrosion characteristics are consistent with those of other Mg alloys in
similar corrosion media and should be related to their microstructure features [50,65,69].

 

Figure 12. Optical in situ corrosion images of the cast ZK60 etched sample immersed in 0.1 M NaCl for
different times: (a) 20 min; (b) 40 min; (c,d) 60 min.

Figure 13 presents the BSE-SEM micrographs of the etched samples after immersion in 0.1 M
NaCl for 1 and 2 h. The black corrosion filaments (Figure 13a) covered by Mg(OH)2 [70] mainly
occurred on the “darker zones” in grain boundary regions (see Figures 2b and 5) and encompassed
the second-phase particles. Some second-phase particles in the boundary regions (Figure 13b) were
surrounded by a small number of black corrosion products, implying that the corrosion filaments
may have started from the surrounding areas of these second-phase particles. Most of the central
regions of the grains, i.e., the Zr-rich areas with a light color (Figures 2b and 5), were still uncorroded.
When t = 2 h (Figure 13c), only a small number of second-phase particles occurred in the corroded
areas, implying that most of them were removed due to the dissolution of their surrounding Mg
matrix. Some broad corrosion areas in Figure 13 show that the corrosion could develop to the central
area of grains with increasing corrosion time. Moreover, the corrosion filaments in Figure 13c,d show
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an apparent corrosion depth, implying that the corrosion also developed under the black corrosion
product layer.

 

Figure 13. BSE-SEM micrographs of the cast ZK60 etched samples immersed in 0.1 M NaCl for different
times: (a,b) 1 h (with corrosion products); (c,d) 2 h (without corrosion products).

As shown in Figures 12 and 13, the etched samples were used to observe the origination and
developmental features of the corrosion filaments on the cast ZK60. To avoid the influence of the
etching treatment on the corrosion process, Figure 14 presents the secondary electron (SE) SEM images
of the raw alloy sample after immersion in 0.1 M NaCl for 0.5 and 2 h. The corrosion morphologies
in Figure 14a,b also exhibit the characteristics of filiform corrosion, similar to those in Figure 12b.
The polishing scratches on the surface of the test samples do not appear to influence the initiation and
extension of the corrosion filaments, suggesting that they are controlled by the microstructure of the
cast ZK60 alloy. When t = 2 h, the corrosion images in Figure 14c,d display features similar to those
in Figure 13c and some small corrosion pits occur in the corrosion areas, which may have been the
result of the loss of the second phase-particles. The raw cast ZK60 sample also displayed the filiform
corrosion features in the early corrosion period (0–2 h).

Figure 15 presents the secondary electron (SE) SEM images of the cast ZK60 alloy after immersion
in 0.1 M NaCl for different times to observe the corrosion development over a long period (12–72 h).
The corrosion filaments gradually extended to the whole surface of the test samples after 24 h, and the
number and depth of the corrosion pits increased with time. These results further prove that with
increasing corrosion time, the corrosion of the cast ZK60 alloy can develop toward the central area of
grains and toward the depth of the alloy matrix, which is discussed below.
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Figure 14. SE-SEM micrographs of the cast ZK60 sample immersed in 0.1 M NaCl for different times:
(a,b) 30 min; (c,d) 2 h (without corrosion products).

 

Figure 15. SE-SEM micrographs of the cast ZK60 alloy immersed in 0.1 M NaCl for different times:
(a) 12 h; (b) 24 h; (c) 48 h; (d) 72 h (with the corrosion products removed).

3.7. Characterization of the Corrosion Pits on the Cast ZK60 Alloy

To characterize the development of corrosion pits, the deepest pit on the cast ZK60 sample was
selected after immersion in 0.1 M NaCl for different times, and their 3D morphologies and depth
profiles were measured, as shown in Figure 16. The density and depth of the corrosion pits increased
over 12–72 h, and the size of the pit mouth was generally larger than the pit depth, which is similar
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to the corrosion morphologies in Figure 15. The corresponding pit depth at different corrosion times
was employed to calculate the average penetration rate (Pdepth, mm y−1), which is also presented in
Figure 17. The pit depth increased with time, but the fastest Pdepth occurred in the period of 12–24 h
(~24 mm y−1) before gradually decreasing to ~16.6 mm y−1 in the period of 24–72 h.

Figure 16. 3D corrosion images and depth profiles of the cast ZK60 alloy immersed in 0.1 M NaCl for
different times: (a) 12 h; (b) 24 h; (c) 48 h; (d) 72 h (without corrosion products).

 
Figure 17. Depth of the deepest corrosion pit and the corresponding Pdepth of the cast ZK60 alloy
immersed in 0.1 M NaCl for different times.
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Figure 18 is the cross-sectional EPMA pattern of a corrosion pit on the cast ZK60 sample immersed
in 0.1 M NaCl for 72 h. The corrosion pit was covered by the corrosion product, and the second-phase
particles were encompassed in it. Only Mg, O, and Cl elements were found in the corrosion product
layer, which should result from Mg(OH)2 and Cl− in the test solution. Moreover, a large number of
Cl− through the whole corrosion product layer suggests that Cl− could penetrate the product layer
easily and may become enriched in the bottom of the corrosion pit to propagate the pit corrosion [71].
The second-phase particles in the corrosion pit imply that they may be related to the formation of
corrosion pits, which is discussed later.

 
Figure 18. Electron probe micro-analyzer (EPMA) maps of the elemental distribution in the cross-section
of a corrosion pit on the cast ZK60 alloy immersed in 0.1 M NaCl for 72 h.

4. Discussion

4.1. Initiation and Development of Corrosion on the Cast ZK60 Alloy

4.1.1. Corrosion Reactions on the Cast ZK60 Alloy

A thin oxide film can be formed on the surface of the cast ZK60 alloy in a moist atmosphere at
room temperature according to Reactions (5) and (6), which may have a bilayer structure with an inner
layer of MgO and an outer layer of Mg(OH)2 [72,73].

2Mg + O2 = 2MgO (5)

MgO + H2O = Mg(OH)2 (6)

Because MgO and Mg(OH)2 are both relatively soluble in water according to Reactions (7) and
(8) [3,74], where Ksp is the solubility product constant, MgO will be gradually dissolved and converted
to Mg(OH)2 when they are immersed in NaCl solution.

MgO + H2O = Mg2+ + 2OH− Ksp = 10−6 (7)

Mg(OH)2 = Mg2+ + 2OH− Ksp = 10−11 (8)

In this case, the MgO/Mg(OH)2 oxide film formed on the cast ZK60 alloy was partly protective
in a neutral NaCl solution. The anodic and cathodic partial reactions of the corrosion process can be
written as Reactions (9) and (10), respectively, and the corrosion product is formed as Reaction (11) [75].

Mg = Mg2+ + 2e− (9)
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2H2O + 2e− = H2(g) + 2OH− (10)

Mg2+ + 2OH− = Mg(OH)2 (11)

4.1.2. Initiation of Corrosion on the Cast ZK60 Alloy

Based on the microstructure of the cast ZK60 alloy, Figure 19 presents a schematic model to
illustrate the initiation and development of the corrosion on the cast ZK60 alloy. As discussed above,
a partly protective MgO/Mg(OH)2 oxide film will be formed on the cast ZK60 alloy in neutral 0.1 M
NaCl (Figure 19a). Because the large second-phase particles and the Zr-rich region in the grains were
more stable than the Mg matrix in grain boundary regions, as shown in Figure 6, the oxide film in
these regions should be more stable than that in their adjacent grain boundary regions (i.e., darker
areas in Figure 2b), which was denoted as a stable and active oxide film in Figure 19a [76,77].

 

Figure 19. Schematic model for the initiation and development of the corrosion on the cast ZK60
alloy in NaCl solution. (a) original state; (b) corrosion initiation; (c) filaments growth; (d) filaments
propagation; (e) pit formation and (f) pit development.

Compared to the Mg matrix in the grain boundary regions, those with stable oxide film act as
micro-galvanic cathodes. Under the attack of Cl−, the film around the second phase could be easily
broken due to the higher numbers of imperfections [78]. Therefore, the micro-galvanic corrosion was
initiated in the areas around the large discontinuous second-phase particles in the grain boundaries,
owing to the strong galvanic effect between these second-phase particles and the Mg matrix in the grain
boundaries (Figure 13b). It should be noted that there were some second-phase particles deposited in
the grains (Figures 2a and 6), and therefore, the corrosion may also be initiated in the grains. However,
we did not observe this phenomenon, which may be due to the stable oxide film in the grains (Zr-rich
region) and the light galvanic effect between them.

After the corrosion initiation (Figure 19b), the oxide film near the second-phase particles in the
grain boundaries cracked first. However, there were no black Mg(OH)2 products observed in this
beginning period (Figure 12a), because they were dissolved in the NaCl solution (Equation (5)). After the
concentration of Mg(OH)2 reached saturation in the NaCl solution, black Mg(OH)2 precipitation
occurred (Figure 12b).
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4.1.3. Growth of Corrosion Filaments on the Cast ZK60 Alloy

Because the Zr-rich area within the grains was more stable than the Mg matrix in grain
boundary regions, the corrosion preferentially propagated in the grain boundary regions in the
initial corrosion period (Figure 19c), displaying the characteristics of filiform-like corrosion, as shown
in Figures 12 and 13. According to [69,70], the front edges of the corrosion filaments acted as intense
anodes via Equation (6), while the dark tracks behind the anodes acted as locally activated cathodes,
where cathodic Equation (7) occurred. In NaCl solution, Cl− may be enriched around the anode areas to
attack and break the oxide film [28]. By contrast, the activated cathodes behind the anodes provide the
driving force for the development of the corrosion filaments. Then, the precipitates of Mg(OH)2 cover
the surface of the active cathodes behind the anodes to make them gradually turn into inert cathodes.

The second phase in the grain boundaries and the Zr-rich region within the grains have an
essential influence on the origination and propagation of the corrosion filaments on the cast ZK60.
These filiform-like corrosion characteristics of the cast ZK60 were quite different from those of Mg-3Zn
and Mg-8Li alloys reported previously [65,71], in which the corrosion filaments seem not to be affected
by the second phases and can originate from the center of the grains and spread to various directions.
These differences should be ascribed to their different microstructures, especially the quantity and size
of the second phase and the distribution of alloying elements in these alloys.

As the corrosion time was increased, the active “dark areas” along the grain boundaries were
gradually covered with a black Mg(OH)2 layer (Figure 19c) and potentially became cathodic areas [79].
This change would impede the anodic corrosion process in these areas and make their potential positive,
reducing and even eliminating the potential difference between these areas and the Zr-rich regions.
Therefore, the corrosion filaments could gradually develop to the central area of grains (Figure 19d)
to form some broad corrosion areas, as shown in Figures 13 and 14. Additionlly, the black Mg(OH)2

layer was porous and imperfect and could not prevent the entry of the NaCl solution (Figure 18). Thus,
the anodic process still existed beneath the Mg(OH)2 layer, developing an apparent corrosion depth
under the corrosion filaments, as shown in Figures 13 and 14. When t > 24 h, most of the alloy surface
was gradually covered with the Mg(OH)2 layer (Figure 15), and finally, it would be covered completely
(Figure 19e,f).

4.1.4. Development of Corrosion Pits on the Cast ZK60 Alloy

With the development of the corrosion filaments, the corrosion pits will be formed when the Mg
matrix surrounding the large second-phase particles is corroded completely (Figure 19e). Some small
corrosion pits occurred in the corrosion filaments when t = 2 h (Figure 14c,d), which may be due to the
loss of the second-phase particles when the corrosion product was removed. The visible corrosion pits
occurred after 12 h of immersion (Figure 15), and their number and depth increased with time over
24–72 h, in which Pdepth was about one magnitude order higher than those corrosion rates (Pw, PH,
and Pi), as shown in Figures 15–17. The high Pdepth of the cast ZK60 alloy indicates a severe localized
corrosion state and warrants further investigation.

The development of the corrosion pits was related to the occluded environment under the
corrosion filaments, covered by the second-phase particles and Mg(OH)2 precipitate. The solution in
the occluded corrosion pit would be alkalized to increase the pH to around 10.5 through Reaction (5).
At the same time, Cl− would migrate in due to the charge neutralization and become enriched at the
bottom of the pit (Figure 18). These effects would accelerate the anodic process in the corrosion pits
and make them develop deeply [80].

According to the above discussion, the microstructure of the cast ZK60 alloy had an essential
influence on the corrosion initiation and propagation in NaCl solution. Thus, it is necessary to improve
its corrosion resistance by microstructure modification, which will be studied later.
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4.2. Change in the Corrosion Rate in Different Corrosion Periods

The PH, Pi, and Rp values of the cast ZK60 alloy generally showed different change tendencies in
different immersion periods (Figures 8, 9b and 10b). In the early corrosion period (0–2 h), the corrosion
rates (PH and Pi) increased with time (Figures 8b and 9b), while Rt, Rf, and Rp decreased (Table 2 and
Figure 10b). In this period, the filiform corrosion was initiated and developed quickly on the cast
ZK60 alloy without visible corrosion pits (Figures 12–14), corresponding to the states in Figure 19a–d.
In this case, with the development of the corrosion filaments, the broken oxide film increased steadily
to accelerate the anodic and cathodic processes, as shown in Figure 9, and made the corrosion rates
increase. The increase in the broken oxide film may be the reason why no Ebreak occurred in the anodic
polarization curve when t = 2 h (Figure 9). Furthermore, the increase in the broken oxide film enlarged
the reactive areas on the cast ZK60 surface to increase CPEdl and CPEf, meanwhile decreasing RL and
L in this period (0–2 h, Table 2).

The second corrosion period was determined to be within 2–24 h, according to the above discussion
about the corrosion development on the cast ZK60 alloy. In this period, the corrosion filaments gradually
occupied most of the active oxide film, and a small number of corrosion pits occurred and developed
quickly (Figures 15 and 16), which corresponds to the state in Figure 19e. Because most of the active
oxide film was corroded and covered with a black Mg(OH)2 precipitate, the anodic process, Reaction (9),
was inhibited significantly to make Ecorr more positive, and Ebreak occurs again with a more positive
value (Figure 9). In this case, the corrosion rate (PH and Pi) decreased significantly (Figures 8b and 9b),
while Rt, Rf, and Rp increased (Table 2 and Figure 10b). The difference is that Pi and 1/Rp reached the
lowest value at t = 24 h, but PH decreased persistently until t = 48 h, while Pw as shown in Figure 7
displayed the highest value at t = 24 h, which may be ascribed to the differences among these test
methods. In this period, the decrease in the broken oxide film may also result in a clear increase in
RL and L and decrease in CPEdl (Table 2). Meanwhile, CPEf firstly increased and then decreased,
which may have been due to the increase in the area and thickness of the corrosion product layer.
Even though very few corrosion pits occurred in this period (Figures 15 and 16), their Pdepth increased
significantly and reached a large value of about 24 mm y−1 (Figure 17), which was much larger than
the general corrosion rates of Pw, PH, and Pi in this period (Figures 7, 8 and 9b). Therefore, the pitting
corrosion became more critical than the filiform corrosion in this period.

Over 24–72 h, most of the surface of the cast ZK60 was gradually covered with Mg(OH)2 layer,
but the number and depth of the corrosion pits increased (Figures 15–17), corresponding to the state in
Figure 19f. Because of the increase in corrosion pits, the anodic process was accelerated again. In this
case, the Ebreak and Ecorr of the cast ZK60 alloy became negative, and Pi increased again (Figure 9),
while Rt, Rf, and Rp decreased (Table 2 and Figure 10b). However, Pw and Pdepth decreased with
time in this period (Figures 7 and 17), indicating that the increase in the corrosion product layer still
impeded the growth rate of the pitting depth and the general weight loss, possibly due to the alkalizing
effect of the cathodic reaction and the low solubility of Mg(OH)2. In this period, the increase in CPEf

may have been due to the dissolution of the corrosion product layer reducing its thickness; meanwhile,
the decrease in RL and L may have been related to the acceleration of the pitting corrosion process,
similar to in the processes on passive metals [61]. In general, pitting corrosion became more severe in
this period and dominated the corrosion behavior of the cast ZK60 alloy. In this case, Pdepth should be
adequate to describe the corrosion rate of the cast ZK60 alloy in this period.

5. Conclusions

1. The microstructure of the cast ZK60 alloy was composed of an α-Mg phase and large second-phase
particles (MgZn2), which mainly deposited along the grain boundaries, and a Zr-rich region
existed in the central area of the grains. The grain boundaries and their adjacent regions (noted as
grain boundary regions) had relatively higher Mg contents.
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2. The second-phase particles and the central area of the grains (Zr-rich region) were more
electrochemically stable than the grain boundary regions, resulting in a strong micro-galvanic
effect between them.

3. The corrosion of the cast ZK60 alloy in 0.1 M NaCl solution originated from the areas around
the second-phase particles in grain boundaries and firstly developed in the grain boundary
regions, showing filiform-like corrosion characteristics owing to the strong micro-galvanic effect
in its microstructure.

4. The general corrosion rate increased in the early corrosion period (about 0–2 h). Then, the black
corrosion filaments covered with Mg(OH)2 gradually occupied most of the alloy surface to inhibit
the corrosion process and decrease its general corrosion rate. However, corrosion pits occurred
under the corrosion filaments and had a high growth rate (Pdepth) in this period. After 24 h,
the number of corrosion pits increased, and Pdepth decreased with time (17–24 mm y−1) but
was still eight times larger than the general corrosion rates (Pw, PH, and Pi), which should be
paid more attention. The microstructure of the cast ZK60 alloy has an essential influence on the
initiation and development of its corrosion.
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Abstract: In the present work, an oxygen hardening of near-β phase Ti–13Nb–13Zr alloy in plasma
glow discharge at 700–1000 ◦C was studied. The influence of the surface treatment on the alloy
microstructure, tribological and micromechanical properties, and corrosion resistance is presented.
A strong influence of the treatment on the hardened zone thickness, refinement of the α’ laths and
grain size of the bulk alloy were found. The outer hardened zone contained mainly an oxygen-rich
Ti α’ (O) solid solution. The microhardness and elastic modulus of the hardened zone decreased
with increasing hardening temperature. The hardened zone thickness, size of the α’ laths, and grain
size of the bulk alloy increased with increasing treatment temperature. The wear resistance of the
alloy oxygen-hardened at 1000 ◦C was about two hundred times, and at 700 ◦C, even five hundred
times greater than that of the base alloy. Oxygen hardening also slightly improved the corrosion
resistance. Tribocorrosion tests revealed that the alloy hardened at 700 ◦C was wear-resistant in a
corrosive environment, and when the friction process was completed, the passive film was quickly
restored. The results show that glow discharge plasma oxidation is a simple and effective method to
enhance the micromechanical and tribological performance of the Ti–13Nb–13Zr alloy.

Keywords: oxygen hardening; Ti–13Nb–13Zr alloy; microstructure; tribocorrosion behavior; mi-
cromechanical properties

1. Introduction

β-phase titanium alloys are characterized by high mechanical strength, good corrosion
resistance, high biocompatibility and relatively low Young’s modulus [1–6]. In addition,
references [7,8] show that Nb and Zr are valuable alloying elements. Nb and Zr have an
advantage over possibly toxic elements in body fluid, such as aluminum and vanadium, as they
do not generate allergic reactions or genetic changes [9]. Consequently, β or near-β titanium
alloys, such as Ti–13Nb–13Zr, have been developed for biological applications [1,10,11].

β-phase titanium alloys are referred to as second-generation titanium biomaterials.
One of the rationales behind their development is to address the stress shielding associated
with the high Young’s modulus of the implant [2–6]. A lower elastic modulus is best
suited for a biomaterial implant, as discussed by different authors [12–14]. Mohan and
coworkers [15] indicated that the percentage of β phase greatly affects the mechanical
properties of the Ti–Mo and Ti–Mo–Zr alloy systems. They showed that Mo improved
the β phase stability when the percentage of Mo was increased from 12% to 15%. It
was further noted that the elastic modulus of the alloys was lower compared to Ti–6Al–
4V and commercially pure Ti. The Ti–15Mo–6Zr alloy had the lowest elastic modulus,
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thereby confirming that the higher percentage of β phase is the main reason for the lower
elastic modulus observed. However, the main drawback of all titanium alloys is their
poor tribological performance, as demonstrated by the high coefficient of friction (COF)
combined with a tendency for scuffing and adhesive wear [2,3]. Moreover, the friction
of titanium alloys in a corrosive environment increases their wear rate [16,17], which
is disadvantageous in their application as orthopedic bioimplants. Surface treatment
is usually applied to enhance the properties of titanium alloys as bioimplants. Several
techniques, including oxidizing [18], nitriding [19], ion implantation [20] and physical
vapour deposition (PVD) coating [21], selective laser melting [22], Ar arc melting [12],
spark plasma sintering [23], anodization [14], mechanical blending process [15] have
been investigated. It is known that oxygen hardening can increase the hardness and
tribocorrosion resistance [24–30].

The characterization of the oxygen diffusion zone and the impact of this zone on
macroscopic properties are still subjects of intensive investigation. Dong and Li [28]
reported that the boost diffusion oxidation (BDO) process was an effective way to harden a
titanium surface. The BDO process involved two steps. In the first step, titanium samples
were thermally oxidized in the air. During the second step, the air was removed from the
reaction chamber, and pre-oxidized samples were further diffusion treated in a vacuum.
The method was successfully employed by Zabler and coworkers [30] for the formation
of oxygen diffusion hardening (ODH) zones in the commercially pure Ti (grade 2) and
Ti–6Al–4V alloy. A well-controlled hardness and hardened zone depth were achieved. A
disadvantage of the process is the formation of an oxide scale on the alloy surface. Thicker
titanium oxide layers tend to deteriorate the alloy properties. Jamesh et al. [31] reported
that the thermal oxidation process of commercially pure Ti above 850 ◦C led to oxide
scale spallation. This behavior is dangerous in frictional contact, where the detached hard
titanium oxide particles accelerate the abrasion.

Januszewicz and Siniarski [32] showed that the assistance of plasma glow discharge
during oxidation is of great benefit as it prevents the formation of brittle rutile phase on
the treated alloy surface by mechanically damaging the oxide scale by high-energy ions. In
our previous work [33], we showed that diffusion hardening of the near-surface zone by
interstitial oxygen atoms with using glow discharge plasma in Ar + O2 atmosphere is a
very effective method to improve the mechanical and tribological properties of two-phase
(α + β) Ti–6Al–4V titanium alloy. It was found that the treatment increased the surface
hardness about three times, from 3.4 GPa to 10.6 GPa. The wear resistance in dry sliding
contact with the Al2O3 ball was also significantly improved.

The oxygen diffusion hardening of the near-β Ti–13Nb–13Zr was performed by ther-
mal oxidation in an oxygen-containing atmosphere [34]. The results suggest that zirconium
plays a key role in the effective oxygen diffusion hardening at 500 ◦C for alloys of the
Ti–Nb-Zr system. It was found that a sufficient Zr concentration (>6 wt.%) permits oxy-
gen diffusion into the alloys. The near-surface hardness appears to increase further as
Nb content increases. The high hardness of oxygen hardened Ti–13Nb–13Zr alloy is a
result of an outer oxide layer composed of mixed metal (i.e., Ti, Nb, Zr) oxides on top of
interstitial oxygen hardened alloy. This dense oxide layer is not only highly passive from a
chemical/corrosion point of view but also resistant to abrasive wear, which is attributed to
the mechanical stability of the oxide/substrate interface.

To our best knowledge, there are no data on the influence of oxygen plasma glow-
discharge on the hardening of the Ti–13Nb–13Zr alloy and the influence of the surface
treatment on microstructure and tribological properties in corrosive environments. There-
fore, detailed studies on the effect of oxygen plasma glow discharge on the alloy usage
properties are necessary. The friction wear corrosion results in metal degradation due
to the simultaneous action of mechanical wear and (electro)chemical oxidation. The two
mechanisms do not proceed separately and depend on each other in a complex way. In
many cases, corrosion is accelerated by wear, and similarly, wear may be affected by corro-
sion phenomena. The nature of the passive film and the electrochemical conditions play a
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significant role in friction, wear and corrosion mechanism [35]. When the implants are to
be placed in bone tissue, bone ingrowth into porous implant surfaces starts and osteoblast
cell adhesion on the substrate increases, which may improve osseointegration. Improved
osseointegration provides mechanical stability by interlocking the surrounding bone tissue
with the implant. Tribocorrosion is a material degradation process and involves chemical
and/or electrochemical interactions between material and its environment during a tribolog-
ical process. Friction wear corrosion is a degradation process resulting from the combined
action of small movements between contacting parts and the environment’s corrosivity [36].

The main purpose of this work is to investigate the effect of oxygen plasma glow
discharge temperature on the microstructure development and micromechanical proper-
ties of the near-β Ti–13Nb–13Zr alloy. An influence of the applied surface treatment on
tribocorrosion behavior of the alloy in Ringer’s solution is also studied.

2. Materials and Methods

A near-β phase titanium alloy with a chemical composition of 13.6 Nb, 13.6 Zr, 0.06
Fe, 0.04 C, 0.01–0.02 N, 0.001 H, 0.11 O (in wt.%), provided by Xi’an Saite Metal Materials
Development Co., Ltd., Xi’an, China was used for oxygen hardening. The β transformation
temperature of this alloy is 735 ◦C [37]. The samples were cut from the bar (27 mm
diameter) into discs with a thickness of 1–2 mm. The samples were ground with sandpaper
up to 3000-grit until a flat surface was obtained. Next, they were pre-polished with Al2O3
suspension (grain size 1 μm) and finally polished with silica suspension (0.04 μm) until a
mirror finish. The prepared alloy had a fine acicular martensitic morphology composed of
α′ (hexagonal close-packed; hcp) and some α” (orthorhombic, Cmcm space group) laths in
β (body-centered cubic; bcc) grains (Figure 1). A detailed description of the microstructure
of the as-received alloy has been presented in our previous works [24,25]. The grain size,
estimated by image analysis, was in the range of 20–80 μm.

Figure 1. Microstructure of the as-received alloy.

The samples were placed in a quartz tube furnace. After air evacuation, argon of
99.999% purity was purged into the tube. The pressure was adjusted to 10 Pa by flowing
argon (flow rate of 30 standard cm3/min). When the samples reached the desired tempera-
ture of oxidation, i.e., 700 ◦C or 850 ◦C or 1000 ◦C, a glow discharge was started. The glow
discharge was generated at 1250 V and an electric current of 45 mA. During discharge, high
purity oxygen (99.999%) was mixed with argon and pumped to the furnace in 20 cycles of
1 min duration (flow rate of 6 standard cm3/min). During oxygen pumping, the pressure
was increased to 12 Pa. After oxidation, cooling to room temperature with working Ar
glow discharge was provided.

The microstructure of the oxygen hardened alloy was characterized by light mi-
croscopy (LM, ZEISS Axio Imager M1m microscope, Oberkochen, Germany), scanning
electron microscopy (SEM, FEI Nova NanoSEM 450 microscope, (Eindhoven, The Nether-
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lands) and transmission electron microscopy (TEM, JEOL JEM-2010 ARP microscope,
(Tokyo, Japan) techniques. The phase constitution was studied by selected area electron
diffraction (SAED). The Java Electron Microscopy Software (JEMS, version 4.4131U2016,
Pierre Stadelmann, Switzerland) was used to interpret the SAED patterns. The lamella from
the cross-section of the coated alloy was prepared for the TEM investigation. The samples
were thinned using FEI Quanta 3D 200i scanning electron microscope equipped with a
Ga+ ion gun, Pt precursor gas injection systems (GIS) and OmniProbe micromanipulator
for in situ lift-out [38]. Ion beam accelerating voltage of 30 kV and ion currents in the
range of 15 nA–30 pA were applied. The lamella was transferred via a micromanipulator
to a TEM half ring, where a focused ion beam (FIB) milling to electron transparency was
performed (ion currents of 500–30 pA). FIB deposition process from Pt precursor was used
to attach the manipulator probe to the lamella and attach it to the grid. The phase identifi-
cation was supplemented by energy-dispersive X-ray spectroscopy (SEM-EDS, TEM-EDS)
microanalysis and STEM-EDS line analysis.

The open-circuit potential (OCP), linear sweep voltamperometry and electrochemical
impedance spectroscopy (EIS) were carried out using a potentiostat Autolab PGSTAT302N
(Metrohm Autolab B.V., Utrecht, The Nederlands). The reference electrode was a saturated
calomel electrode (SCE), and a platinum plate was used as the counter electrode. Ringer’s
solution was used as the electrolyte for the corrosion study. The chemical composition of
the Ringer’s solution was: 8.6 g/L NaCl, 0.3 g/L KCl, 0.25 g/L CaCl2. Measurements were
performed at pH 7.4 in deaerated solutions at 37 ◦C. The polarization test was performed
at a scan rate of 1 mV/s from −1.3 V to +2.2 V vs. SCE. For the EIS measurements, the
amplitude was 10 mV; the frequency was 105 Hz to 10−3 Hz. The EIS measurements were
performed at the OCP potential. The EIS data were fitted using ZView software.

The hardness and elastic modulus of the as-received and oxygen hardened Ti–13Nb–
13Zr alloys were determined by micro-combitester (CSM Instruments). The indentation
tests were performed using a Vickers diamond indenter. The indenter was loaded with
a force of 200 mN and kept for 5 s before un-loading. An analysis of the mechanical
properties of the alloy was carried out using the loading/unloading curve by Oliver and
Pharr method [39]. It allowed for the determination of the elastic modulus (EIT) and
hardness (HIT). For each sample, ten consecutive experiments at randomly selected places
were performed, and the average of 10 measurements was calculated.

The abrasive wear resistance and the friction coefficient of the as-received and treated
alloy were determined by friction tests based on the ISO 20808 standard [40]. The tests were
carried out in dry sliding contact with an Al2O3 ball (6 mm diameter) using a ball-on-disc
tribotester (ITeE Radom, Radom, Poland). In a typical ball-on-disc arrangement, a counter-
element in the form of a ball was pressed against a rotating disc (sample) made of titanium
alloy. The tribological tests were repeated three times, with the same parameters: ball load
Fn = 5 N, sliding speed v = 0.07 m/s, sliding distance s = 1000 m, room temperature 23 ◦C
and relative humidity 55%. The wear rate Wv = V/Fn × s was determined as the ratio of
the volume of material removed during friction (V) to the load (Fn) and the sliding distance
(s). The volume was calculated based on the size of the cross-sectional area of the wear
groove. The groove profile was measured with a stylus profilometer in six places around
the wear track.

Friction-wear tests with simultaneous measurement of corrosion potential during
friction in Ringer’s solution were also performed. To record the changes in the corrosion
potential, a 2-electrode system with the working electrode (titanium alloy) and reference
electrode (calomel electrode in 3 M KCl) was designed. The schematic of the tribocorrosion
device is shown in Figure 2. A specially designed system ensuring an efficient and stable
electric contact with the alloy sample was used. In this system, the ball with the holder
was moving, whereas the titanium alloy sample was stationary. To fix the ball and sample
positions, special polymer holders were used. The same measurement parameters were
applied as in the case of dry friction tests. The friction process began after a stable corrosion
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potential for the titanium alloy was reached. When the friction was activated, a change in
the potential was recorded as a result of the wear of the alloys’ surface layer.

Figure 2. Schematic of the tribological device with parallel corrosion potential measurement during wear tests of the
titanium alloy in sliding contact with a ball.

Before each test, the alumina ball and titanium alloy were ultrasonically cleaned in
ethanol and left to dry. Additionally, the ball used in the tribocorrosion test was also
washed in Ringer’s solution. The holders were subjected to an identical cleaning procedure.
The whole measurement took place in a plastic vessel filled with Ringer’s solution.

3. Results

3.1. Microstructure of the Oxygen Hardened Alloy

LM and SEM images of the alloy treated at 700 ◦C, 850 ◦C and 1000 ◦C are shown
in Figure 3. The alloy microstructure was dependent on the hardening temperature. The
differences in the thickness of the oxygen-rich hardened zone and the grain size of the bulk
of the material were observed. The highest thickness of the hardened zone, up to 470 μm,
was found in the sample treated at 1000 ◦C (Figure 3e,f). In the case of alloy treated at
850 ◦C, the hardened zone thickness was about 160 μm (Figure 3c,d), while in the alloy
treated at 700 ◦C it had the lowest thickness, up to 120 μm (Figure 3a,b). A coarsening
of the α’ laths in the oxygen-hardened zone with increasing treatment temperature was
also observed. The voids in the hardened zone of the sample treated at 1000 ◦C were
formed at a distance of ~20–30 μm from the surface. It should be noted that the presence of
pores usually contributes to the formation of microcracks, which were also sporadically
observed in this sample. A typical microcrack is marked with an arrow in Figure 3f.
The observed microstructural defects exclude the sample hardened at 1000 ◦C from the
intended biological applications.
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Figure 3. Microstructure of the Ti–13Nb–13Zr alloy after oxygen hardening at 700 ◦C (a,b), 850 ◦C
(c,d) and 1000 ◦C (e,f). LM (a) and SEM (b–f), cross-section samples. The zone with voids is marked
with a dashed line in Figure 3f. An arrow in Figure 3f indicates a microcrack developed in the
near-surface zone.

Investigation of the cross-section showed a significant grain growth resulting from the
hardening process. The grain size estimated from LM and SEM images was in the range
of 40–100 μm, 100–250 μm and up to 700 μm for the alloys treated at 700 ◦C, 850 ◦C and
1000 ◦C, respectively.

The sample treated at 700 ◦C was selected for a detailed microstructure characteri-
zation by TEM and STEM. The TEM and STEM images are shown in Figures 4 and 5. In
the near-surface region (depth up to 10 μm from the surface), a high fraction of the Ti α’
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(O) solid solution and low amount of fine laths of the Ti α” (O) solid solution in β phase
were found (Figure 4). In the SAED pattern no. 2, the diffraction spots from crystal planes
belonging to particular three [100] Tiα“ zone axes corresponding to three sets of the Ti α”
laths inclined by the angle of 60◦ are marked with black, green and red color, respectively.

Figure 4. TEM image of the near-surface region in the Ti–13Nb–13Zr alloy after oxygen hardening at 700 ◦C. SAED patterns
of α’ (hcp) and α” (orthorhombic, Cmcm) were taken from areas marked with 1 and 2, respectively. In the SAED pattern
no. 2, the spots belonging to the three [100] α“ zone axes are marked with black, green and red color. Indices of green spots
are given.

Figure 5. STEM image of the microstructure of the near-surface region in the Ti–13Nb–13Zr alloy cross-section after oxygen
hardening at a temperature of 700 ◦C (a) and concentration profile of oxygen obtained by TEM-EDS microanalysis performed
in points 1–16 (b). The exemplary grains of the α‘ and β phases, as well as the areas 1 and 2 given in Figure 4, are marked
in Figure 5a.

To examine the concentration profile of oxygen in the near-surface region, a TEM-
EDS microanalysis was performed at 16 points located in the α‘ phase at a distance from
0.3 μm to 8 μm. The oxygen concentration profile is presented in Figure 5b. The results
confirmed the increased content of oxygen in the zone close to the surface. At a point
located 0.3 μm from the outer surface edge of the lamellae, the oxygen concentration was
about 47 at.%, and with the increasing distance to 6 μm, it dropped gradually to about
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6 at.%. At greater depths in the sample, the oxygen concentration in the α‘ phase remained
constant at ~6 at.%. The obtained results of the oxygen distribution should be treated as
approximate values since EDS microanalysis gives only a rough indication of light elements
concentration. Nevertheless, the result is an indication that the Ti α’ (O) solid solution is
enriched in oxygen in the near-surface zone at a depth of up to 6 μm.

In our previous study [33], we showed that the near-surface region of the oxygen
diffusion hardened two-phase (α + β) Ti–6Al–4V alloy consisted of Ti α (O) solid solution
enriched with oxygen mainly. Oxygen is a strong interstitial solid solution strengthening
element of titanium [36]. It is an α phase stabilizer and has a high solubility in the hcp α

phase, up to 31.9 at.%. The solubility of oxygen in the β phase is much lower, maximum
8 at.% [41]. Therefore, the presence of the Ti α’ (O) phase in the near-surface zone is
preferred due to the diffusion of interstitial oxygen atoms.

According to [39], the plasma glow discharge strengthens the oxygen diffusion into
the metallic substrate. It is likely due to an increase in the number of point defects formed
during the first stage of the process. In addition, the plasma glow discharge inhibits the
formation of the rutile layer on the titanium alloy surface. The oxides formed on the alloy
surface act as limited reservoirs of oxygen atoms, which are then forced to diffuse into the
alloy matrix and form a solid solution [32]. Therefore, the surface of the alloy investigated
in this work was not covered by titanium oxide.

3.2. Micromechanical and Tribological Properties

Table 1 shows the micromechanical and tribological properties of the as-received and
oxygen hardened Ti–13Nb–13Zr alloy. The surface treatment of the alloy resulted in a
significant increase in hardness and elastic modulus than the as-received alloy. Two effects
can explain this strengthening: (i) the crystallographic strains generated by the strong lattice
deformation that expand the c/a ratio, and (ii) the long-range ordering of the interstitial
atoms in the hcp-structure of the host [36]. However, based on the present investigation
results, it was found that both the hardness and elastic modulus decreased significantly in
the surface layer of hardened alloy with increasing hardening temperature (Table 1). The
tendency to lower the hardness with increasing the titanium alloy’s treatment temperature
was also noticed elsewhere [42]. The Ti–13Nb–13Zr alloy hardened at 700 ◦C had the
highest microhardness and modulus of elasticity, 12.8 GPa and 180 GPa, respectively. The
microhardness of the alloy treated at 1000 ◦C reached only 6.9 GPa. This behavior is related
to the microstructure of the hardened alloy surface layer, particularly to the refinement
of the α’ laths at 700 ◦C. The largest grain size was found in the oxygen-enriched layer of
the titanium alloy hardened at 1000 ◦C. The large grain size does not favor the material
strengthening. Additionally, for the alloy treated at 1000 ◦C, the formation of voids in
the hardened zone, located ~20–30 μm from the surface, was observed (Figure 3f). Such
microstructure features facilitate a plastic deformation during indentation and result in
lower hardness.

Table 1. Microhardness (HIT), elastic modulus (EIT), the penetration depth of the indenter (hmax),
and wear rate (Wv) of the Ti–13Nb–13Zr alloy.

Sample of
Ti–13Nb–13Zr Alloy

hmax

(nm)
HIT

(GPa)
EIT

(GPa)
Wv·10−6

(mm3/Nm)

Hardened at 700 ◦C 880 ± 37 12.8 ± 0.8 180 ± 16 2.3 ± 0.3
Hardened at 850 ◦C 925 ± 52 9.8 ± 0.9 175 ± 20 3.1 ± 0.3

Hardened at 1000 ◦C 1407 ± 131 6.9 ± 0.7 152 ± 17 5.8 ± 0.7
As-received 1662 ± 82 3.9 ± 0.2 79 ± 9 1250 ± 46

The hardening improved the mechanical properties of the Ti–13Nb–13Zr alloy, and both
the hardness and elastic modulus increased about three times compared to the baseline alloy.
Interstitial oxygen diffusion hardening of the alloy carried out at 700 ◦C allowed to achieve
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a hardness comparable to the hardness of the alloy treated by plasma electrolytic oxidation
(PEO) in an electrolyte with and without the addition of zirconia nanoparticles [43].

The wear resistance of the titanium alloy was tested in dry sliding contact. Figure 6
shows the average COF of the as-received and hardened alloy. The COF of the hardened
alloy samples in dry sliding contact with the Al2O3 ball was in the range of 0.63–0.78. A
significantly lower COF = 0.50 occurred during the friction of the baseline titanium alloy,
and the cooperation with the Al2O3 counterpart was more stable.

Figure 6. COF of the alloy oxygen hardened at 700 ◦C (a), 850 ◦C (b) and 1000 ◦C (c) compared to as-received alloy (d) in
dry friction condition as well as the alloy hardened at 700 ◦C in Ringer’s solution (e) against alumina ball.

The unstrengthened titanium alloy showed a more significant deformation in the
sliding point contact than the hardened alloy since their moduli of elasticity differed
significantly. Less deformation should reduce the mechanical component of the friction
force and thus the friction coefficient for the hardened alloy. However, such an effect
has not been observed as the surface interactions in the friction microcontact had the
primary influence on the resistance to motion. The hardened surface layer of the titanium
alloy constitutes difficult cooperation conditions in a non-lubricated contact with the hard
ceramic Al2O3 ball. A microstructural investigation has shown that the surface of the alloy
examined in this work was not covered by titanium oxide. TiO2 could reduce the resistance
to motion. The improved friction and wear properties can be attributed to the low-friction
TiO2 rutile layer [44]. Moreover, the mean contact pressure (pm) in the initial period of
friction test of the 700 ◦C hardened alloy was 0.82 GPa, i.e., much higher than the untreated
alloy (0.54 GPa). As a result of the sliding interaction of such hard oxide materials, so-called
severe friction developed [45], which caused a high resistance to motion. The obtained
results are characteristic for this type of material during dry friction [46].

The wear resistance of the oxygen-hardened alloy was strongly dependent on the
treatment temperature and was at least two hundred times greater than that of the
base alloy (Figure 7). The wear rate of the as-received Ti–13Nb–13Zr alloy reached the
value of 1250 × 10−6 mm3/Nm. In comparison, the wear rate for the alloy hardened
at 700 ◦C, 850 ◦C, and 1000 ◦C was 2.3 × 10−6 mm3/Nm, 3.1 × 10−6 mm3/Nm and
5.8 × 10−6 mm3/Nm, respectively. Based on the microscopic analysis of the wear track
surface, an abrasive wear nature of the hardened titanium alloy and abrasive-adhesive
wear of the as-received alloy were found. The wear process of the Ti–13Nb–13Zr alloy is
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typical of dry friction in contact with a hard counterpart and has already been analyzed in
detail elsewhere [47].

Figure 7. Cross-section profile of wear track of as-received Ti–13Nb–13Zr alloy (a) and hardened Ti–13Nb–13Zr alloy
(b) after dry friction.

The best mechanical and tribological properties were found for the Ti–13Nb–13Zr
alloy hardened at 700 ◦C. Therefore, this alloy was selected for further corrosion resistance
tests. Figure 8a shows the evolution of the OCP for the as-received and the alloy hardened
at 700 ◦C. The results of Eocp show that the as-received alloy has a less noble potential than
the alloy heat-treated at 700 ◦C, indicating that the as-received alloy is more susceptible to
corrosion. The OCP slightly increased for the hardened alloy and reached a stable value
after about 2000s.

Figure 8. Electrochemical measurements of as-received and oxygen hardened alloy (Ti–13Nb–13Zr/700 ◦C) in Ringer’s
solution at 37 ◦C, (a) evolution of the corrosion potential vs. time and (b) polarization curves at 1 mV/s.

The potentiodynamic polarization testing was conducted to understand the corrosion
properties of the untreated and treated alloy (Ti–13Nb–13Zr/700 ◦C) (Figure 8b). Because
of an absence of linear regions, the Tafel extrapolation was not applicable to interpret the
electrochemical response. In such cases, the corrosion rate could be defined by the limiting
current density, which passes through the passivating film, thus becoming a measure of
the film protective performance [48]. The passive current density (ip) was reduced from
68 μA/cm2 for the treated alloy to 20 μA/cm2 for the as-received alloy, while the cathodic–
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anodic transition increased from about −0.43 V up to −0.25 V. These results indicate that
the as-received alloy has a slightly smaller corrosion rate than the treated one.

Figure 9 shows the EIS graphs presented as a Bode plot (Figure 9a) and a Nyquist plot
(Figure 9b) of the as-received and hardened alloy in the Ringer’s solution. From Figure 9a,
the Z modulus at a lower frequency in the Bode impedance plot indicated a comparable
corrosion resistance of the investigated samples. The as-received and treated alloys showed
a highly capacitive behavior from medium to low frequencies. The equivalent circuit, as
shown in Figure 10, was used to fit the EIS data. According to the double-layer model
for the oxygen hardened alloy, the equivalent circuit consisted of the electrolyte resistance
(R1), the treated resistance (R2) and the constant phase elements (CPE). A good fitting
between the experimental and simulated results was achieved, and the parameters are
listed in Table 2.

Figure 9. Electrochemical impedance curves of the as-received and oxygen hardened alloy in Ringer’s solution. (a) Bode
impedance and phase angle plot, (b) Nyquist impedance plot.

Figure 10. Equivalent circuit used for fitting EIS data.

Table 2. Chi-squared (χ2) values obtained by fitting equivalent electrical circuit with Z View software and electrochemical
parameters for the as-received and treated titanium alloy.

Sample χ2 R1 (Ω * cm2) CPE-T (Fsn−1 cm−2) CPE-P R2 (Ω * cm2)

As-received alloy 0.005 12.30 ± 0.12 4.31 × 10−5 ± 0.03 × 10−5 8.96 × 10−1 ± 0.02 × 10−1 3.22 × 105 ± 0.06 × 105

Alloy hardened at
700 ◦C 0.004 41.99 ± 0.25 4.35 × 10−5 ± 0.02 × 10−5 8.70 × 10−1 ± 0.01 × 10−1 7.26 × 105 ± 0.11 × 105

To investigate the passivation kinetics of the hardened alloy in a condition where the
oxygen-rich hardened layer of the alloy is abraded, tribological tests were performed in the
presence of Ringer’s solution. The tests were coupled with simultaneous measurement of
the OCP (Figure 2). Figure 11 shows the change in the corrosion potential over time. In the
diagram, we can distinguish 3 characteristic stages:

i) Stage 1—increase and stabilization of the stationary potential;
ii) Stage 2—a drop of the corrosion potential, resulting from the wear of the alloy’s

surface, with the assumed sliding distance equaling 1000 m;
iii) Stage 3—an increase of the stationary potential after the interruption of the friction

process of the alloy’s surface.
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Figure 11. Change in the corrosion potential during the tribological test in Ringer’s solution at 25 ◦C
of the alloy hardened at 700 ◦C.

The friction process was activated after 1 h 20 min of stabilization in Ringer’s solu-
tion. A significant drop in the potential corrosion value was observed, resulting from the
change in the measurement conditions. As a result of friction, a groove was formed, with
significant surface roughness and less passivating, thereby showing a considerable drop
of the corrosion potential. The potential reached about −846 ± 50 mV vs. SCE and was
maintained at this value during the whole friction process. When the friction process was
terminated (Stage 3), an increase in the corrosion potential was observed. The increase
in the potential took place abruptly. The strengthened outer layer of the alloy treated at
700 ◦C provided good protection against tribological wear in a corrosive environment, and
the passive film was quickly restored.

4. Conclusions

In this work, the oxygen hardening of Ti–13Nb–13Zr alloy by plasma glow discharge
at 700–1000 ◦C was studied.

1. The hardening temperature had a significant influence on the alloy microstructure
and thickness of the hardened zone. A refinement of the α’ laths of the near β-phase
Ti alloy was observed. The thickness of the hardened zone and grain size of the bulk
alloy both increased with increasing temperature. In addition, voids and microcracks
were observed in the near-surface zone of the alloy treated at 1000 ◦C;

2. The outer hardened zone consisted mainly of the Ti α’ (O) solid solution with small
amounts of fine laths of the Ti α” (O) solid solution in the β phase. Oxygen enrichment
in a depth of up to 6 μm was found;

3. The oxidation of the Ti–13Nb–13Zr alloy under glow discharge conditions resulted
in a significant increase of hardness and elastic modulus compared with the base
alloy. The best results were found for the alloy hardened at 700 ◦C. With an increasing
temperature, a decrease in both hardness and modulus of elasticity in the hardened
zone were observed;

4. The hardened titanium alloy zone significantly reduces abrasive wear, and the wear
resistance is proportional to the hardness of the alloy;

5. Oxygen hardened alloy does not adversely affect the corrosion resistance;
6. The friction reduces the corrosion resistance of the oxygen-hardened Ti–13Nb–13Zr

alloy. However, when the friction process was stopped, the corrosion potential was
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quickly restored. The strengthened outer layer of the alloy treated at 700 ◦C provides
good protection against tribological wear in a corrosive environment.
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36. Albayrak, Ç.; Hacısalihoğlu, İ.; Yenalvangölü, S.; Alsaran, A. Tribocorrosion behavior of duplex treated pure titanium in Simulated
Body Fluid. Wear 2013, 302, 1642–1648. [CrossRef]

37. Davidson, J.A.; Mishra, A.K.; Kovacs, P.; Poggie, R.A. New surface-hardened, low-modulus, corrosion-resistant Ti-13Nb-13Zr
alloy for total hip arthroplasty. Biomed. Mater. Eng. 1994, 4, 231–243. [CrossRef]

38. Langford, R.M.; Clinton, C. In situ lift-out using a FIB-SEM system. Micron 2004, 35, 607–611. [CrossRef] [PubMed]
39. Oliver, W.C.; Pharr, G.M. Measurement of hardness and elastic modulus by instrumented indentation: Advances in understanding

and refinements to methodology. J. Mater. Res. 2004, 19, 3–20. [CrossRef]
40. ISO 20808:2016 Fine Ceramics (Advanced Ceramics, Advanced Technical Ceramics)—Determination of Friction and Wear

Characteristics of Monolithic Ceramics by Ball-on-Disc Method. Available online: https://www.iso.org/standard/65415.html
(accessed on 10 April 2021).

41. Massalski, T.B.; Okamoto, H.; Subramanian, P.R.; Kacprzak, L. Binary Alloy Phase Diagrams; ASM International: Materials Park,
OH, USA, 1990; Volume 3. [CrossRef]

42. Lee, T. Variation in Mechanical Properties of Ti-13Nb-13Zr Depending on Annealing Temperature. Appl. Sci. 2020, 10, 7896.
[CrossRef]

160



Materials 2021, 14, 2088

43. Lederer, S.; Lutz, P.; Fürbeth, W. Surface modification of Ti 13Nb 13Zr by plasma electrolytic oxidation. Surf. Coat. Technol. 2018,
335, 62–71. [CrossRef]

44. Krishna, D.S.R.; Brama, Y.L.; Sun, Y. Thick rutile layer on titanium for tribological applications. Tribol. Int. 2007, 40, 329–334.
[CrossRef]

45. Kolubaev, A.V.; Tarasov, S.Y. Studies on formation and destruction of surface layers under severe friction. Facta Univ. 1997, 1,
429–432.

46. Majumdar, P.; Singh, S.B.; Chakraborty, M. Wear response of heat-treated Ti–13Zr–13Nb alloy in dry condition and simulated
body fluid. Wear 2008, 264, 1015–1025. [CrossRef]

47. Mohan, L.; Anandan, C. Wear and corrosion behavior of oxygen implanted biomedical titanium alloy Ti–13Nb–13Zr. Appl. Surf.
Sci. 2013, 282, 281–290. [CrossRef]

48. Mc Cafferty, E.; Hubler, G.K. Electrochemical behavior of palladium implanted titanium. J. Electrochem. Soc. 1978, 125, 1892–1893.
[CrossRef]

161





materials

Article

The Effect of Sn Addition on Zn-Al-Mg Alloy; Part I:
Microstructure and Phase Composition

Peter Gogola *, Zuzana Gabalcová, Martin Kusý and Henrich Suchánek

Citation: Gogola, P.; Gabalcová, Z.;

Kusý, M.; Suchánek, H. The Effect of

Sn Addition on Zn-Al-Mg Alloy;

Part I: Microstructure and Phase

Composition. Materials 2021, 14, 5404.

https://doi.org/10.3390/ma14185404

Academic Editor: Jana Bidulská

Received: 27 July 2021

Accepted: 14 September 2021

Published: 18 September 2021

Publisher’s Note: MDPI stays neutral

with regard to jurisdictional claims in

published maps and institutional affil-

iations.

Copyright: © 2021 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

Institute of Materials Science, Faculty of Materials Science and Technology in Trnava, Slovak University of
Technology in Bratislava, Ulica Jána Bottu 25, 917 24 Trnava, Slovakia; zuzana.gabalcova@stuba.sk (Z.G.);
martin.kusy@stuba.sk (M.K.); henrich.suchanek@stuba.sk (H.S.)
* Correspondence: peter.gogola@stuba.sk

Abstract: In this study, the addition of Sn on the microstructure of Zn 1.6 wt.% Al 1.6 wt.% Mg alloy
was studied. Currently, the addition of Sn into Zn-Al-Mg based systems has not been investigated in
detail. Both as-cast and annealed states were investigated. Phase transformation temperatures and
phase composition was investigated via DSC, SEM and XRD techniques. The main phases identified
in the studied alloys were η(Zn) and α(Al) solid solutions as well as Mg2Zn11, MgZn2 and Mg2Sn
intermetallic phases. Addition of Sn enabled the formation of Mg2Sn phase at the expense of MgxZny

phases, while the overall volume content of intermetallic phases is decreasing. Annealing did not
change the phase composition in a significant way, but higher Sn content allowed more effective
spheroidization and agglomeration of individual phase particles.

Keywords: Zn-based alloy; phase composition; XRD; DSC; microstructure formation; Sn-addition;
intermetallic phases

1. Introduction

Zn-Al alloys are used as corrosion protection coatings for a series of applications
including steel strands used to reinforce overhead power lines. Such strands ensure
the overall mechanical rigidity of aluminum conductors and thus reduce the number of
supporting towers needed for a specific distance of overhead power lines [1]. These power
lines are designed to operate at about 180 ◦C, while due to an increased current load, they
may heat up to 300 ◦C. [1,2] Pure Zn coatings are not suitable in such conditions. Above
200 ◦C, the pure Zn coating starts to react with the steel [1,3,4] substrate and continues to
form ZnFe intermetallics. Such a reaction can reduce the actual steels cross section area
and thus reduce the cables’ mechanical properties. This limitation can be overcome by
alloying [5,6].

Nowadays, various Zn-Al-Mg alloy system coatings are available, such as the commer-
cially well-known Magizinc (MZ) with a chemical composition of Zn 1.6 wt.% Al 1.6 wt.%
Mg [7–14].

Mg is added to Zn-based coatings to further increase their corrosion protection ca-
pabilities. Mg is useful especially for increasing the galvanic protection offered by a
coating at cut-edges and mechanically damaged spots. Additional alloying may further
improve the properties of Zn-Al-Mg alloys as reported by several literature sources [15–25].
Unfortunately, there is still lack of information about Sn addition into these systems [26].

In recent years, the effects of Sn addition on the microstructure of Mg- and Al-based
alloys has been studied. This includes microstructural stability upon thermal exposure. Sn
is known to have a high affinity to Mg, creating mainly the Mg2Sn intermetallic phase. All
in all, a positive influence of Sn on Mg and Al-based alloys has been reported depending
on the amount of Sn added to these alloys. Alloying enabled the formation of Mg2Sn
in all these alloys [27–33]. The aim of this research is to confirm if Mg2Sn phase is also
preferred compared to MgxZny phases in the current alloy system as suggested by studied
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literature sources [32,34]. Phase composition and overall microstructure character will be
investigated on as-cast samples.

As one of the potential applications involves a long-term thermal exposure, microstruc-
ture and phase composition will be investigated after a representative annealing treatment
of each alloy as well. Experimental annealing temperature will be set to 310 ◦C to be clearly
above potential exposure temperatures, but below the melting temperatures (~340 ◦C) of
the investigated alloys.

Mg2Zn11 and MgZn2 are the most common intermetallic phases in the currently in-
vestigated Zn-based systems. MgZn2 is reported to be less ductile, while both are reported
to be slightly less ductile compared to Mg2Sn [18–20,29,35,36]. The possibility to replace
MgxZny phases by Mg2Sn and thus reduce the overall volume content of intermetallic
phases in a Zn 1.6 wt.% Al 1.6 wt.% Mg based alloy would indicate an interesting re-
search path for further extensive investigation of corrosion and mechanical properties of
such alloys.

2. Materials and Methods

Five different alloys with the designed nominal composition of Zn-1.6Al-1.6Mg-xSn
(wt.%), where x = 0.0, 0.5, 1.0, 2.0 and 3.0 wt.%, respectively, were prepared by melting
pure Zn at 470 ◦C and mixing in the appropriate amount of a 50 wt.% Al and 50 wt.% Mg
master alloy. These raw materials were preheated to 400 ◦C to facilitate their rapid melting.
Due to the low melting point of Sn, it was added in the last step. Table 1 indicates that the
measured bulk chemical compositions of the alloys by glow discharge optical emission
spectroscopy (GDOES, Spectruma GDA 750, Spectruma Analytik GmbH, Hof, Germany)
are in good agreement with the nominal ones.

Table 1. Chemical composition of the studied alloys (wt.%).

Alloy Al Mg Sn Zn

MZ + 0.0Sn 1.56 ± 0.07 1.40 ± 0.01 0.07 ± 0.02 bal.
MZ + 0.5Sn 1.64 ± 0.02 1.41 ± 0.01 0.52 ± 0.01 bal.
MZ + 1.0Sn 1.62 ± 0.03 1.45 ± 0.02 1.06 ± 0.02 bal.
MZ + 2.0Sn 1.57 ± 0.01 1.44 ± 0.01 1.95 ± 0.01 bal.
MZ + 3.0Sn 1.57 ± 0.12 1.43 ± 0.05 2.69 ± 0.06 bal.

Casting was done from 470 ◦C of melt temperature into a water-cooled copper mold
with a diameter of 30 mm and depth of 20 mm. During casting, the sample temperature
was continuously measured at a sampling frequency of 25 Hz with K-type thermocouples
attached to the mold surface. The cooling rate of 60 ◦C/s was established.

Two types of cylindrical samples were prepared for each alloy: (i) as-cast samples
and (ii) cast and subsequently solution annealed at 310 ◦C for 1 h. The annealing step was
finished by ice-water quenching. A cooling rate of 75 ◦C/s was recorded. The selected
solution annealing temperature corresponds to the γ + η region of the Zn-Al system [37],
while it is clearly below the melting point of all chosen alloys. Cooling in cold water
ensured a very good control of the annealing time.

Vickers hardness tests were carried out in line with ISO 6507-1 [38] on polished
surfaces of as-cast and annealed samples via a BUEHLER Indentamet 1105 (Buehler Ltd.,
Lake Bluff, IL, USA) hardness tester at an applied load of 9.8 N, holding time at the point
of load application was 10 s.

DSC measurements were carried out by the Perkin Elmer Diamond DSC (Perkin Elmer
Inc., Billerica, MA, USA) device. The DSC samples were cut from as-cast samples to a
target weight of 5 mg. The samples were heated to the temperature of 500 ◦C at a heating
rate of 10 ◦C/min and then cooled to ambient temperature at a cooling rate of 10 ◦C/min
under the protective argon atmosphere.

The XRD analysis was carried out on metallic filings of the as-cast and annealed
samples by the PANalytical Empyrean X-ray diffractometer (XRD) (Malvern Panalytical
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Ltd., Malvern, UK). The procedure to measure on metallic filings instead of bulk castings
was chosen to limit the influence of casting texture on the recorded XRD pattern. The
casting texture added additional complexity to the XRD measurements by influencing the
theoretical relative intensities for the individual crystallographic planes. This made the
quantitative analysis very unreliable due to the complex texture corrections needed. The
measurements were performed in Bragg–Brentano geometry. Theta-2Theta angle range
between 10◦ and 148◦ 2Theta was chosen. The XRD source was set to 40 kV and 40 mA. The
incident beam was modified by 0.04 rad soller slit, 1/4◦ divergence slit and 1/2◦ anti-scatter
slit. The diffracted beam path was equipped with a 1/2◦ anti-scatter slit, 0.04 rad soller slit,
Ni beta filter and PIXcel3D position sensitive detector operated in 1D scanning mode. The
phase quality was analyzed using PANalytical Xpert High Score program (HighScore Plus
version 3.0.5) with the ICSD FIZ Karlsruhe database. Quantitative results were determined
from XRD patterns using the Rietveld refinement-based program MAUD version 2.84 [39].
The program uses an asymmetric pseudo-Voight function to describe experimental peaks.
Instrument broadening was determined by measuring the NIST660c LaB6 (The National
Institute of Standards and Technology, Gaithersburg, MD, USA) line position and line
broadening standard and introduced to the Rietveld refinement program via the Caglioti
equation. Anisotropy size-strain model was applied to Zn solid solution while other phases
were treated by isotropic models. A minor discrepancy between the nominal and measured
peak intensities was corrected using the spherical harmonic functions with fibre symmetry.
The quality of the fit was in all analyzed samples below 10% Rwp.

The metallographic preparation of DSC, as-cast and annealed samples consisted of
standard grinding using abrasive papers and polishing on diamond pastes with various
grain sizes of down to 0.25 μm.

The microstructure evaluation was performed by the JEOL JSM 7600F scanning elec-
tron microscopy (SEM, Jeol Ltd., Tokyo, Japan) with a Schottky field emission electron
source operating at 20 kV and 90 μA. The samples were placed at a working distance of
15 mm and documented using a backscattered electron detector. The chemical element
analysis was performed via the Oxford Instruments X-Max silicon drift detector, energy
dispersive X-ray spectrometer (EDS, Oxford Instruments plc, Abingdon, UK).

Image analysis was performed on at least 15 sites for each sample by ImageJ FIJI
1.53c software [40]. Area ratio of η(Zn) based areas and other microstructure components
were established.

All results are listed as the average values of multiple measurements with ±standard
deviation error bars.

3. Results

The DSC curves of MZ + xSn alloys system in Figure 1a–e show charts of DSC heating
runs. Figure 1 shows the most relevant section of the recorded data, while measurements
were done from 20 to 500 ◦C at a heating rate of 10 ◦C/min. The first heating runs recorded
are presented to observe the reactions in the as-cast samples during heating and subsequent
melting, including eutectoid reactions (not visible in DSC cooling runs).
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Figure 1. Comparison of the DSC curves for all investigated alloys.

Hence, the individual microstructure features in the as-cast samples cannot be clearly
distinguished; the DSC samples after the cooling run were investigated via SEM. These
observations enabled us to identify the individual reactions for each recorded peak.

Peaks were recorded describe the reactions of the following phases: η(Zn)–hcp Zn-
based solid solution; γ(Al)–fcc Al-based solid solution present above the eutectoid reaction
temperature reported at 275 ◦C in the Zn-Al system [37] up to melting temperature; α(Al)–
fcc Al-based solid solution present below the Zn-Al system eutectoid reaction; Mg2Zn11,
MgZn2 and Mg2Sn intermetallic phases of respective systems.

The curve in Figure 1a corresponds to the MZ + 0.0Sn alloy. The first peak observed at
about 285.0 ◦C corresponds to the eutectoid transformation α(Al) + η(Zn) → γ(Al). This
peak is repeated for all alloys observed. Melting of pure MZ + 0.0Sn starts at 344.0 ◦C
(peak maximum at 347.5 ◦C) with melting of the ternary eutectic consisting of η(Zn), γ(Al)
and Mg2Zn11 phases. An example of such areas is provided in Figure 2a. This is followed
by the melting of the Zn/MgxZny binary eutectic (peak maximum at 357.0 ◦C). A clear
example can be observed in Figure 2b. MgxZny corresponds to a mixture of Mg2Zn11 and
MgZn2 phases as documented in Figure 2c. A closer detail of this area is given in Figure 2d)
showing also the α(Al) + η(Zn) eutectoid particles in detail. Chemical composition of the
individual phases is documented in Table 2. The last peak corresponds with the melting of
the Zn rich dendrites (peak maximum at 378.9 ◦C) [41].
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Figure 2. Selected features of MZ + 0.0Sn alloy microstructure after DSC measurement: (a) example of ternary eutectic;
(b) example of binary eutectic; (c) example of Mg2Zn11 and MgZn2 mixture; (d) area with EDS measurement points 1–4
listed in Table 2.

Table 2. EDS chemical composition of selected sites (at.%).

Site No.

Chemical Element (at.%) 1 2 3 4 5

Zn 99.20 54.50 83.70 66.30 66.10
Al 0.80 45.50 - - -
Mg - - 16.30 33.70 -
Sn - - - - 33.90

Phase/Region η(Zn) α(Al) + η(Zn) eutectoid Mg2Zn11 MgZn2 Mg2Sn

As indicated in Figure 2a, η(Zn) dendrites are always decorated by a needle like
α(Al) particles. These are formed as a result of the decreasing solubility of Al in Zn in
the temperature range below ~285 ◦C (see Figure 1). These particles are observed for all
alloys investigated.

As observed in Figure 1b, the addition of 0.5 wt.% of Sn enables the formation of a peak
at 335 ◦C. This effect corresponds to newly emerging quaternary eutectic areas consisting
of η(Zn), γ(Al), Mg2Zn11 and Mg2Sn phases. A typical such area is shown in Figure 3a)
with a selected detail in Figure 3b. The chemical composition of the Mg2Sn phase was
measured and listed in Table 2. These areas start to melt at about 334 ◦C (peak maximum
at 335.0 ◦C). The next peak corresponds to the melting of the ternary eutectic (342.0 ◦C)
composed of η(Zn), γ(Al) and Mg2Zn11. The adjacent peak indicates the melting of the
η(Zn) + Mg2Zn11 binary eutectic (353.9 ◦C). The peak at 378.3 ◦C indicates the melting of
the remaining η(Zn) dendrites.
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Figure 3. Quaternary eutectic area in MZ + 0.5Sn alloy microstructure after DSC measurement: (a) example of quaternary
eutectic; (b) closer detail of such area including EDS measurement point 5 listed in Table 2.

The alloy with 1 wt.% of Sn (Figure 1c) has a minor peak left corresponding to
the ternary eutectic (339.1 ◦C), while the peak corresponding to the quaternary eutectic
(335.3 ◦C) increased further in peak area. Both other peaks correspond to the same reactions
as described above.

With 2 wt.% of Sn (Figure 1d), the melting starts at 333.5 ◦C. This reaction melts the
complex eutectic area shown in Figure 4. The peak corresponding to the ternary eutectic
reaction is not resolved separately anymore. The peak at 349.6 ◦C in this alloy represents
the melting of two binary eutectics: η(Zn) + Mg2Zn11 as well as η(Zn) + Mg2Sn. The last
peak in this DSC curve at 373.4 ◦C corresponds again to η(Zn) dendrites.

 

Figure 4. Binary and quaternary eutectic areas in MZ + 2.0Sn alloy microstructure after DSC measurement.

Adding 3 wt.% of Sn (Figure 1e) changes the peak of the quaternary eutectic reaction
only slightly (peak maximum at 336.8 ◦C). The peak observed at 346.3 ◦C corresponds
according to microstructure observations solely to the melting of the binary η(Zn) + Mg2Sn
eutectic. Melting of the remaining (η)Zn is indicated by the peak at 372.6 ◦C.

XRD measurements were performed on the metallic filings prepared from the bulk
samples. Figures 5 and 6 shows the XRD patterns for selected alloys in the as-cast and
annealed state, respectively. A quantitative analysis using the Rietveld method was per-
formed considering the phases listed in Table 3 characterized in the ICSD FIZ Karlsruhe
database. These phases enabled the identification of all significant peaks in the measured
XRD patterns.
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Figure 5. XRD diffraction patterns recorded on powder samples of selected alloys in as-cast state
(a) MZ + 0.0Sn, (b) MZ + 0.5Sn, (c) MZ + 3.0Sn.

 

Figure 6. XRD diffraction patterns recorded on powder samples of selected alloys in annealed state
(a) MZ + 0.0Sn, (b) MZ + 0.5Sn, (c) MZ + 3.0Sn.
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Table 3. Phases identified during XRD analysis.

Phase Chemical
Formula

Reference Code–ICSD
Database FIZ Karlsruhe

Crystal System Space Group Space Group Number

η(Zn) = Zn + 2 at.% Al 98-024-7160
modified according [42] Hexagonal P63/mmc 194

α(Al) = Al + 14 at.% Zn 98-060-6001
modified according [42] Cubic Fm3m 225

MgZn2 98-010-4897 Hexagonal P63/mmc 194
Mg2Zn11 98-010-4898 Cubic Pm3 200
Mg2Sn 98-064-2855 Cubic Fm3 225

As the cooling speed in all experiments was rather high at 60–75 ◦C/s for both as-cast
and annealed samples, it was assumed that the solubility changes below the eutectoid
transformation [γ(Al) → αAl + η(Zn) at 275 ◦C] will be significantly limited. Such a
phenomenon was reported for α(Al) as well as η(Zn) phases by Gogola et al. [42] based on
XRD measurements of Zn-Al based samples. To enable the correct quantitative analysis of
α(Al) as well as η(Zn) phases, their chemical composition had to be changed by adding
14 at.% of Zn and 2 at.% of Al, respectively, as suggested in this publication. The chemical
composition of the phases was changed in MAUD software before the quantitative analysis
of each XRD pattern. The soundness of this approach was double checked comparing the
GDOES chemical composition data with the chemical composition calculated from XRD
quantitative analysis for each sample.

The volume content of individual phases in the as-cast samples evolved as shown in
Figure 7.

 
Figure 7. Phase composition in vol.% in metallic bulk samples as measured on metallic filings from
as-cast samples.

In all alloys, both Mg2Zn11 as well as the non-equilibrium MgZn2, the intermetallic
phases can be detected. The overall content of MgxZny intermetallic phases was reduced
from 23.5 vol.% to about 1.5 vol.% by adding 3 wt.% of Sn into the basic Zn 1.6 wt.% Al
1.6 wt.% Mg (MZ) alloy. At the same time, the Mg2Sn phase occupied about 8 vol.% of the
as-cast MZ + 3.0Sn alloy.

The content of MgZn2 was reduced from 3.5 vol.% to ~1.5 vol.% by adding 0.5 wt.%
of Sn. The further addition of Sn did not change the content of this phase significantly. Its
content was gradually further reduced to ~1 vol.% by adding up to 3 wt.% of Sn into the
alloy. However, at ~1 vol.% of MgZn2, the detectability limit of MgZn2 was likely reached
in the current alloy with the applied measurement setup.

Mg2Zn11 phase was detected in all alloys. Its content was gradually reduced from
~20 vol.% down to below 1 vol.% by adding up to 3 wt.% of Sn.
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Peaks corresponding to Mg2Sn can be already clearly identified in the as-cast MZ + 0.5Sn
sample representing as low as 1.5 vol.% of this phase. Its volume content clearly gradually
increased up to ~8 vol.% when 3 wt.% of Sn was added.

The content of α(Al) is calculated to be 2.5 vol.% on average across all alloys investi-
gated. Addition of Sn did not change the content of α(Al) in a significant way.

Annealing the investigated alloys clearly influenced their phase composition (Figure 8)
as calculated from XRD measurements (Figure 6).

 

Figure 8. Phase fractions in vol.% in metallic bulk samples as measured on metallic filings of
annealed samples.

In the MZ + 0.0Sn alloy, the content of non-equilibrium MgZn2 is significantly reduced
after annealing. Its content is reduced from ~3.5 vol.% to below 1 vol.%. For all the other
alloys, the content of MgZn2 is rather similar in both as-cast and annealed states.

The content of the Mg2Zn11 phase increases to ~28 vol.% after annealing the MZ + 0.0Sn
alloy, hence indicating that this is the equilibrium phase for this alloy [34,37]. Additionally,
for all the other compositions, the volume content of Mg2Zn11 increases after annealing.
Annealing changes the content of Mg2Sn only slightly. Most noticeably, its content reduces
at 2 and 3 wt.% of Sn, probably in favor of Mg2Zn11. The content of α(Al) remains basically
unchanged by the annealing process.

Comparison of microstructure images for the most important edge cases is given in
Figure 9a–f. Figure 9a,c,e correspond to as-cast states, while Figure 9b,d,f correspond to the
annealed state.

The microstructure of MZ + 0.0Sn samples is formed by η(Zn) phase dendrites, where
the interdendritic areas are formed by a mixture of binary η(Zn)/MgxZny eutectic and
ternary η(Zn)/α(Al)/MgxZny eutectic [43,44]. Adding 0.5 wt.% of Sn changes the mi-
crostructure appearance in an insignificant way (Figure 9a vs. Figure 9c). On the other hand,
in Figure 9e, we can clearly observe the presence of η(Zn)/Mg2Sn binary eutectic regions.
Gradual addition of Sn reduces the amount of (η)Zn/MgxZny eutectic regions and gives
rise to η(Zn)/Mg2Sn eutectic regions. Additionally, areas formed by η(Zn)/α(Al)/MgxZny
ternary eutectic are reduced in favor of probably η(Zn)/α(Al)/MgxZny/Mg2Sn quater-
nary eutectics.

Figure 9b,d,f shows the microstructure of selected alloys after annealing. η(Zn) loses
its dendritic character as well as all interdendritic areas being spheroidized, while areas
with common chemical compositions are connected. None of the previously described
eutectic regions can be recognized. Based on XRD, the vast majority of MgxZny particles
are corresponding to Mg2Zn11. As annealing was done above the eutectoid temperature of
the Zn-Al system (285 ◦C as reported by DSC measurements, Figure 1), Al rich particles
were spheroidized as γ(Al) particles. Hence, the outer shape of Al rich particles remained
frozen while decomposition to α(Al) + η(Zn) eutectoid particles took place upon cooling
from annealing temperature.
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Figure 9. Microstructure images for selected samples, longitudinal section, near sample surface: (a) MZ + 0.0Sn as-cast,
(b) MZ + 0.0Sn annealed, (c) MZ + 0.5Sn as-cast, (d) MZ + 0.5Sn annealed, (e) MZ + 3.0Sn as-cast, (f) MZ + 3.0Sn annealed.

Figure 10 summarizes the vol.% of all other microstructure components apart from η(Zn).
For as-cast samples, this represents the interdendritic spaces which are formed mainly

by various eutectics including a certain portion of η(Zn) phase solidified within them as
well as α(Al) + η(Zn) eutectoid particles.

For the annealed samples, it was possible to clearly distinguish between η(Zn) matrix
and all intermetallic phase particles along with α(Al) + η(Zn) eutectoid particles.

The difference between data for as-cast and annealed samples is mainly caused by
the fact that η(Zn) solidified in the interdendritic spaces of the as-cast samples cannot be
separately identified, while during annealing, these small η(Zn) particles are allowed to
connect to the larger primary η(Zn) areas forming a uniform matrix.
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Figure 10. Vol.% of microstructural components as determined from SEM image analysis.

In general, the vol.% of all other microstructure components outside of η(Zn) is
decreasing with the addition of Sn into the investigated alloys.

Microhardness was measured on the as-cast and the corresponding annealed sam-
ples as well. All samples showed an over twice higher hardness compared to pure Zn.
MZ + 0.0Sn showed the hardness of ~113 HV, while the gradual addition of Sn was almost
linearly decreasing the alloy’s hardness down to ~85 HV measured on the MZ + 3.0Sn
as-cast sample. Annealing of these samples further decreased their hardness, however, by
only 3 to 7% compared to respective as-cast states of each alloy.

4. Discussion

Sn was chosen to supplement the composition of ZnAlMg based alloys. Similar Zn-
based alloy compositions have not been reported in the literature so far, probably due to
the concerns related to the corrosion properties of such alloys. These properties will be
investigated in adjacent research.

Different aspects of the alloy’s microstructure were investigated. The main phases
identified were in the general agreement with the published data as follows: η(Zn), α(Al),
Mg2Zn11, MgZn2 [7–18,20–24] and Mg2Sn [26,27,32,33].

DSC curves can be clearly described only by investigating the microstructure of DSC
samples after cooling in the DSC equipment (Figures 2–4). Copper mold as-cast microstruc-
ture is an order of magnitude finer and hence less likely to be clearly identified. A clear
comparison can be for example given by comparing the size Mg2Sn/η(Zn) eutectic particles
in Figure 4 (DSC sample of MZ + 3.0Sn) and Figure 9e (as-cast sample of MZ + 3.0Sn). Fur-
thermore, the kinetic of solidification may also affect the order in which the phase or phase
mixtures are formed. DSC curves show that the ternary η(Zn)/α(Al)/MgxZny eutectics
of MZ + 0.0Sn alloy are replaced by quaternary η(Zn)/α(Al)/MgxZny/Mg2Sn eutectics
by adding 1 wt.% of Sn. By gradually adding Sn from 0.0 to 1.0 wt.%, the peak of the
quaternary eutectic areas is formed at ~335 ◦C, while the peak of the ternary eutectic areas,
found at temperatures in the range from 347.5 to 339.1 ◦C, is being gradually suppressed.
Further addition of Sn (2.0 and 3.0 wt.%) causes the ternary reaction peak to shift towards
even lower temperatures and being completely overlapped by the quaternary reaction
peak. This is in line with available assessment of liquidus projection for the Zn-Mg-Sn
ternary system [32,45]. These systems also predict a decrease in liquidus temperature for
less complex eutectics when Sn concentration is approaching a more complex eutectic point
near the Zn-rich corner of this system.

Peaks at 357–346.3 ◦C represent the binary eutectics. While DSC curves suggest
only a gradual peak shift of binary eutectic reaction, the microstructure investigation
showed that Mg2Zn11/η(Zn) binary eutectics is being replaced by Mg2Sn/η(Zn) in case
of the MZ + 3.0Sn alloy. Based on available ternary Zn-Mg-Sn assessments [32,45], it is
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hypothesized, that Sn supports the preferential formation of Mg2Sn/η(Zn) binary eutectic
instead of Mg2Zn11/η(Zn) eutectic mixture. This is observed in the currently investigated
system as well, despite the presence of Al as an additional alloying element. It is also
worth mentioning that the temperature difference between the binary and ternary eutectic
points calculated [32,45] is only 1 ◦C. This may cause difficulties to reveal the real order
of solidification reactions since even a slight local chemical difference or temperature
heterogeneity may cause local fluctuation and a competitive formation of Mg2Sn/η(Zn)
and Mg2Zn11/η(Zn) binary eutectic areas as indicated for the MZ + 2.0Sn alloy.

Heating curves shown in Figure 1 depicted also the peaks corresponding to the
α(Al) + η(Zn) → γ(Al) eutectoid transformation at ~285 ◦C. The corresponding reaction
cannot be observed during a cooling DSC run since this eutectoid transformation is rather
sluggish; therefore, it is without a detectable heat release. The microstructure investigation
shows that the γ(Al) → α(Al) + η(Zn) reaction clearly occurs; however, probably over a
much broader temperature range compared to the heating curves. This reaction might be
finished even at an ambient temperature [46].

Adding Sn reduced the volume content of MgxZny intermetallic phases, and these
were replaced by Mg2Sn particles. This behavior is in line with the literature findings on
similar systems [27,32]. The addition of Sn mainly affects the volume content of Mg2Zn11
(Figure 7).

For similar Zn-Al-Mg alloys, the sources report the same two MgxZny phases to
be present [21,22,25,47]. Vlot et al. [47] identified only MgZn2 in similar alloys, while
other literature sources confirmed the presence of both phases mentioned [21,22,25]. In
our samples, Mg2Zn11 is the primary phase; however, MgZn2 was also clearly identified
by both XRD and even SEM/EDX. At 3.5 vol.%, its content was highest in the as-cast
MZ + 0.0Sn sample. As MgZn2 is a non-equilibrium phase in the current system, its
content is significantly reduced by annealing the basic MZ + 0.0Sn alloy at 310 ◦C for 1 h.

Mg2Zn11 and MgZn2 are competing phases and their final ratio is complex to predict
and control even in a simple Mg-Zn alloy as reported by several sources [23,24]. All in
all, their presence will depend on several factors like exact alloy composition or cooling
rate [48].

The amount and distribution of intermetallic particles appears to have a direct influ-
ence on the microhardness of the studied alloys. Overall volume content of intermetallic
phases is decreasing with the increasing wt.% of Sn as measured by XRD (Figures 7 and 8)
as well as the SEM image analysis (Figure 10). This is reflected in the decreasing alloy
hardness summarized in Figure 11.

 

Figure 11. HV1 microhardness of the investigated samples.

Formation of Mg2Sn particles and the gradual increase of their vol.% is reported to
cause an increase in hardness for specific Mg-based alloys with similar Sn content [29–31].
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The same mechanism does not apply to our Zn-based alloys, as in our samples, the overall
vol.% of intermetallics is decreasing.

The hardness of as-cast samples is marginally higher compared to annealed samples
(Figure 11). This is most probably caused mainly by the change in shape and distribution
of the intermetallic particles. This can be observed when comparing the images of as-cast
vs annealed conditions in Figure 9. The annealing allows η(Zn) to diffuse from eutectics in
the interdendritic areas towards the primary η(Zn) dendrites, hence changing the eutectic
nature of the interdendritic areas. For the MZ + 0.0Sn and MZ + 0.5Sn alloys, the original
dendritic character of the microstructure can still be recognized even after annealing
Figure 9a vs. Figure 9b,c vs. Figure 9d. For higher Sn content, this is not possible. The
addition of 1 to 3 wt.% of Sn into this alloy system, enabled a more effective spheroidization
and agglomeration of individual phase particles. Hence, the annealing had a more apparent
influence on the microstructure of these alloys (MZ + 1.0Sn, MZ + 2.0Sn, MZ + 3.0Sn).

For as-cast and annealed samples a different ratio of microstructural components was
established for the same alloys by SEM. Nevertheless, both as-cast and annealed samples
show the same trend compared to the XRD quantitative analysis. Additionally, for the
annealed samples, the SEM image analysis and XRD analysis are in even better agreement.

5. Conclusions

Melting of MZ + 0.0Sn starts at 344 ◦C, while with the addition of 0.5–3.0 wt.% of Sn,
melting starts already at 334 ◦C. Melting is finished at 382 ◦C for the MZ + 0.0Sn and this
temperature is being continuously decreased to 376 ◦C by the addition of up to 3 wt.%
of Sn.

Main phases identified in the MZ + 0.0Sn alloy were η(Zn) and α(Al) solid solutions
as well as Mg2Zn11 and MgZn2 intermetallic phases. Addition of Sn enabled the formation
of Mg2Sn intermetallic phase at the expense of MgxZny phases, while mainly affecting the
vol.% of Mg2Zn11.

The microstructure is dendritic for all as-cast alloys. The interdendritic areas are
formed by the binary, ternary and quaternary eutectics specific for each alloy. Alloying
with Sn causes the following changes of microstructural components: ternary eutectics
consisting of η(Zn), α(Al) and MgxZny phases are gradually replaced by quaternary η(Zn),
α(Al), MgxZny and Mg2Sn eutectics. Binary η(Zn) + MgxZny eutectics are gradually
replaced by binary η(Zn) + Mg2Sn eutectics.

For the MZ + 0.0Sn and MZ + 0.5Sn alloys, the original dendritic character of the
microstructure can still be recognized even after annealing. At the same time, the individual
phases from the eutectics are connected to discrete particles, and thus the original eutectics
are not recognizable anymore. Introducing 1 to 3 wt.% of Sn into this alloy system enabled a
more effective spheroidization and agglomeration of individual phase particles significantly
changing even the shape of the primary η(Zn) dendrites.

Annealing causes slight changes in the phase composition. For MZ + 0.0Sn mainly
MgZn2 is transformed to Mg2Zn11. For the alloys with Sn, the volume content of Mg2Zn11
is partially increased mainly at the expense of Mg2Sn.

The microhardness is decreasing with the increasing of Sn content. The annealing
changes the microhardness only slightly.

Based on microstructure observation, these alloys are overall suitable for coatings
exposed to extended high temperature exposure. As coatings of steel substrates, their
corrosion properties will be at least maintained as reported in part two of this research:
The effect of Sn addition on Zn-Al-Mg alloy-Part II.
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Abstract: Corrosion behaviour of Sn (0.0, 0.5, 1.0, 2.0 and 3.0 wt.%)-doped Zn 1.6 wt.% Al 1.6 wt.%
Mg alloys exposed to salt spray testing was investigated. Intergranular corrosion was observed for
all alloys in both as-cast and annealed states. However, due to microstructure spheroidisation in
the annealed samples, potential intergranular corrosion paths are significantly reduced. Samples
with 0.5 wt.% of Sn showed the best corrosion properties. The main corrosion products identified by
XRD analysis for all samples were simonkolleite and hydrozincite. Occasionally, ZnO and AlO were
identified in limited amounts.

Keywords: Zn-based alloy; Sn-addition; corrosion products; salt spray test; intergranular corrosion;
corrosion penetration depth; weight loss

1. Introduction

A wide range of commercial Zn-based hot-dip coatings are used for corrosion protec-
tion. These also include Zn-Al-Mg-based coatings such as Magizinc (MZ) with Zn 1.6 wt.% Al
and 1.6 wt.% Mg. It is widely used in the coating industry including steel sheet production
for building, energetics, and the automotive industry [1–12].

Neutral salt spray testing (NSST) is used as an industry standard for corrosion resis-
tance testing. Zn-Al-Mg coatings perform notably better compared to conventional hot-dip
Zn coatings. The presence of Mg in the Zn-Al-Mg coatings enables the stabilisation of
protective corrosion products like simonkolleite and hydrozincite [13–16]. Regarding the
microstructure, Mg addition to binary Zn-Al alloys results in the formation of intermetallic
phases such as Zn2Mg and Zn11Mg2. These phases are more corrosion active even com-
pared to the η(Zn) phase, hence enabling the more effective cathodic protection of steel
substrates [17]. They are formed within eutectics in the interdendritic areas of primary
η(Zn) dendrites. Unfortunately, these phases are also enabling the cathodic protection
of this Zn-based matrix, hence overall corrosion attack starts as the intergranular (IG)
corrosion. Sources have reported this phenomenon, however only on the coatings with a
limited thickness of up to 50 μm. In all these corrosion test results, substantial parts of the
coatings were affected by IG corrosion locally, even across the entire coating [18–20].

The potentials of additional alloying of Zn-Al-Mg systems by Cr, Zr, Ti Mo, Mn, Si,
etc. have been already studied in the literature [10]. Sn is also an interesting candidate
due to its high affinity to Mg [21]. The preliminary research [12] into the development
of microstructure and corrosion resistance of the Zn-Al-Mg + Sn alloy system has shown
that Sn can affect the phase composition, and consequently the corrosion properties of
MZ. In the follow-up to these results, this system is being investigated with an extended
experimental scope in Parts I and II of the current articles. The main aim of these additional
experiments is to observe if long time exposure to rather high temperatures (1 h at 310 ◦C)
have a significant influence on the corrosion properties of these alloys. Based on these
inputs, bulk samples were chosen for our research. This enabled to investigate the IG
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corrosion phenomena for these alloys in both as-cast and annealed states without the limit
of a coating’s thickness.

2. Materials and Methods

As already described in Part I of this article [22], five different alloys with the designed
nominal composition of Zn-1.6Al-1.6Mg-xSn (wt.%), where x = 0.0, 0.5, 1.0, 2.0 and 3.0 wt.%,
respectively, were prepared by melting pure Zn at 470 ◦C and mixing in the appropriate
amount of a 50 wt.% Al + 50 wt.% Mg master alloy. These raw materials were preheated to
400 ◦C to facilitate their rapid melting. Due to the low melting point of Sn, it was added in
the last step. Table 1 indicates that the measured chemical compositions of the alloys by
glow discharge optical emission spectroscopy (GDOES, Spectruma GDA 750, Spectruma
Analytik GmbH, Hof, Germany) are in a good agreement with the nominal ones.

Table 1. Chemical composition of the studied alloys (wt.%).

Alloy Al Mg Sn Zn

MZ + 0.0Sn 1.56 ± 0.07 1.40 ± 0.01 0.07 ± 0.02 bal.
MZ + 0.5Sn 1.64 ± 0.02 1.41 ± 0.01 0.52 ± 0.01 bal.
MZ + 1.0Sn 1.62 ± 0.03 1.45 ± 0.02 1.06 ± 0.02 bal.
MZ + 2.0Sn 1.57 ± 0.01 1.44 ± 0.01 1.95 ± 0.01 bal.
MZ + 3.0Sn 1.57 ± 0.12 1.43 ± 0.05 2.69 ± 0.06 bal.

As a reference material for the corrosion test, 4N5 purity Zn-samples were cast. Two
types of cylindrical samples were prepared for each alloy: (i) as-cast samples and (ii) cast
and subsequently solution annealed at 310 ◦C for 1 h.

Casting was done from 470 ◦C of melt temperature into a water-cooled copper mould
with a diameter of 30 mm and depth of 20 mm. During casting, the sample temperature
was continuously measured and an average cooling rate of 60 ◦C/s was established. The
annealing step was finished by quenching it in a water bath below 10 ◦C at an average
cooling rate of 75 ◦C/s.

The investigated surface of the as-cast and annealed samples was subjected to grinding
using up to 4000 grit abrasive papers. The surface topography was determined using a
ZEISS LSM700 laser scanning confocal microscope (LSCM, Carl Zeiss AG, Oberkochen,
Germany). The 405 nm light source was used, which in combination with a Epiplan-
Apochromat 50×/0.95 objective enabled to reach step sizes of 250 nm on the X and Y axes
as well as 200 nm on the Z axis. These surfaces were subjected to the corrosion in the
salt chamber.

The investigated samples were coated with Lacomit Varnish to prevent the corrosion
of the entire sample and limit the exposed area. The exposed surface was digitally scanned
to double check the exposed area. These data, together with the surface topography data,
made it possible to calculate the real surface area exposed to the corrosion on each sample.

The neutral salt spray corrosion test (NSST) was performed in a Co.Fo.Me.Gra 400E
(CO.FO.ME.GRA. Srl, Milano, Italy) corrosion chamber according to the ISO 9227:2017
Standard [23]. The NSST samples were immediately exposed in the cabinet to a 5 wt.%
NaCl solution. The air pressure of the atomized saline solution was maintained in the
range of 95–105 kPa, and the temperature inside the cabinet was 35 ± 2 ◦C, pH level was
6.6–7.1, and the salt solution deposition rate 125–200 mL/h/m2. Custom holders were
used to keep the prescribed sample orientation of 15◦ from the vertical position.

Exposure times for all types of samples were 250, 500, 750 and 1000 h. Three samples
were prepared for all as-cast and annealed conditions for all exposure times. All in all,
144 individual samples were exposed at the same time. After the salt spray testing, the
samples were dried at room temperature for 24 h at minimum before being further pro-
cessed. After drying, loose corrosion products were removed and collected separately. It
was of upmost importance to prevent any kind of a mechanical damage to the metallic
sample surface. The bulk samples were cleaned by acetone and dried on air. The initial
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weight of the specimen was measured (w0) by using the Mettler Toledo XPR205 weighing
balance (Mettler-Toledo International Inc., Columbus, OH, USA). According to the ASTM
G31 Standard [24], the specimens were immersed in the chromate acid (CrO3) to ensure
that the corrosion products were removed. Samples were cleaned in 60 s intervals. After
each cleaning interval, the samples were repeatedly weighed. This process was considered
finished when less than 5 mg of weight was lost after a cleaning cycle for all three repeats
of a condition [23–25]. The final weight for each sample was recorded (wn). The recorded
weight difference was normalized by the exposed area of each sample (An) corrected by
the sample topography coefficient (k). The topography coefficient is retrieved from LSCM
software as the ratio between real surface area, incorporating surface topography, and
the ideal surface. This value was 1.09 on average. These data enabled the calculation the
average weight change (w′) for each condition in mg/mm2 according to equation:

w′ = w0 − wn

An k
(1)

The metallographic preparation on the longitudinal section (along the cylinder axis)
of corroded as-cast and annealed samples consisted of standard grinding using abrasive
papers, polishing on diamond pastes with various grain sizes down to 0.25 μm.

The microstructure evaluation was performed by the JEOL JSM 7600F scanning elec-
tron microscopy (SEM, Jeol Ltd., Tokyo, Japan) with a Schottky field emission electron
source operating at 20kV and 90 μA. The samples were placed at a working distance of
15 mm and documented using a backscattered electron detector.

The quantitative analysis of IG corrosion depth was performed by ImageJ 1.53c
software [26] along the longitudinal section for each condition. At least 150 individual
values were recorded for each data point.

The weight measurements are displayed with +/− standard deviation error bars and
the depth of IG corrosion measurements are given with +/− standard error.

The X-ray diffraction (XRD) analysis was carried out by the PANalytical Empyrean
X-ray diffractometer (Malvern Panalytical Ltd., Malvern, UK) with configurations as de-
tailed in Table 2. The measurements were performed on the samples after 1000 h of NSST
with Ni filtered Cu-radiation. X-ray diffraction data were further analysed qualitatively
using the PANalytical Xpert High Score program (HighScore Plus 3.0.5 version) with ICSD
FIZ Karlsruhe database. These findings were confirmed and enhanced using the Rietveld
refinement-based program, MAUD version 2.84 [27]. The program uses an asymmetric
pseudo-Voight function to describe the experimental peaks. The instrument broadening
was determined by measuring the NIST660c LaB6 (The National Institute of Standards and
Technology, Gaithersburg, MD, USA) line position and line broadening standard and intro-
duced to the Rietveld refinement program (MAUD version 2.84) via the Caglioti equation.
An anisotropic size-strain model was applied to the majority of corrosion products, while
the other phases were treated by isotropic models. A minor discrepancy between nominal
and measured peak intensities was corrected using the spherical harmonic functions with
fibre symmetry. The quality of the fit was in all analysed patterns achieved below 10% Rwp.

Table 2. List of XRD measurements settings.

Sample
XRD Device

Geometry
Angle
Range

Incident Beam Diffracted Beam Detector

Powder of loose corrosion
products scraped from the surface

of the bulk samples

Theta-2Theta,
Bragg-Brentano

geometry

5◦–90◦
2Theta

Divergence slit: 1/4◦
Soller slit: 0.04 rad

Anti-scatter slit: 1/2◦
Anti-scatter slit: 1/2◦

Soller slit: 0.04 rad

PIXcel3D detector
in 1D scanning

mode
Corroded surface of bulk samples

after loosely attached corrosion
products were removed

Grazing incident (GI)
with 0.5◦ incident angle

5◦–80◦
2Theta

Parallel beam optics with:
Divergence slit: 1/16◦

Soller slit: 0.04 rad

Parallel plate
collimator: 0.27◦

Soller slit: 0.04 rad

Scintillation
detector
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3. Results

As mentioned before, the weight changes for each sample were calculated according
to Equation (1) and the obtained data are plotted in Figures 1 and 2. Reference Zn samples
showed a gradual weight loss for both as-cast and annealed conditions as expected. It can
be observed that for several as-cast samples, a weight gain rather than a weight loss was
recorded. The annealed samples showed the weight loss for all conditions as expected.
MZ + 3.0Sn showed the best results at even 40% lower values compared to MZ + 0.0Sn.

 

Figure 1. Weight change after corrosion measured on as-cast samples.

 

Figure 2. Weight change after corrosion measured on annealed samples.

Since the weight gain instead of the weight loss was recorded for several as-cast
conditions, it was decided to prepare longitudinal cuts of the samples and investigate
potential reasons of this phenomena. The intergranular corrosion was present in most
samples to a significant extent. Most phases present in the interdendritic spaces were
corroded. Such corrosion products could not be cleaned by CrO3 acid solution [24]. These
corrosion products, anchored among the still mainly intact η(Zn) dendrites, were increasing
the total weight of the samples even after the cleaning process (Figure 3a). Their presence
is visualised by chemical element distribution maps in Figure 3b.

Backscattered-electron scanning electron microscopy (BSEM) images of the longitudi-
nal sections for representative as-cast samples with 0.0, 0.5 and 3.0 wt.% of Sn after 1000 h of
NSST are given in Figure 4. Corresponding quantitative analysis results of the intergranular
corrosion penetration depth are summarized in Figure 5. The same is available for the
annealed samples in Figures 6 and 7.
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Figure 3. Anchoring effect of η(Zn) dendrites with corroded interdendritic spaces (MZ + 2.0Sn, as-cast): (a) overview BSEM
image; (b) chemical element distribution maps of Zn, Sn, O, Mg, Al and Cl.

  

 

Figure 4. BSEM images indicating the extend of IG corrosion observed for the as-cast samples after 1000 h of NSST:
(a) MZ + 0.0Sn (b) MZ + 0.5Sn (c) MZ + 3.0Sn.
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Figure 5. Depth of IG corrosion—as-cast samples.

  

 

Figure 6. BSEM images indicating the extent of IG corrosion observed for the annealed samples: (a) MZ + 0.0Sn
(b) MZ + 0.5Sn (c) MZ + 3.0Sn.
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Figure 7. Depth of IG corrosion—annealed samples.

SEM investigation of as-cast MZ + 0.0Sn samples after 250 h of NSST revealed a
significant portion of the microstructure being affected by the intergranular corrosion
reaching as deep as ~50 μm (Figure 5). This effect is even more pronounced on the as-cast
samples with 1–3 wt.% of Sn. IG corrosion can be formed as deep as ~150 μm for the as-cast
MZ + 3.0Sn samples (Figure 5). This effect is further emphasised during longer exposures
in the salt spray chamber. The IG corrosion can reach depths of over 370 μm on average
for the as-cast MZ + 2.0Sn and MZ + 3.0Sn samples exposed for 1000 h (Figures 4c and 5).
Complex ZnAlMg interdendritic areas were affected preferentially by the IG corrosion
(Figure 8).

  

Figure 8. MZ + 2.0Sn as-cast microstructure after 1000 h in NSST affected by IG corrosion: (a) overview, (b) detail.

The depth of IG corrosion is significantly lower for the annealed samples with maxi-
mums reaching only about 70 μm even after 1000 h of NSST. For 250 and 500 h, all alloys
behaved rather similar with IG corrosion depths of 10 and 22 μm, respectively. MZ + 1.0Sn
and MZ + 2.0Sn seem to be more susceptible to the IG corrosion when comparing the
samples after the full 1000 h test. On the contrary, annealed MZ + 3.0Sn samples showed
values comparable even to MZ + 0.0Sn, or MZ + 0.5Sn reaching a maximum depth of about
45 μm.

The examples of areas affected by the intergranular corrosion are given in Figures 8 and 9
for the as-cast and annealed samples, respectively. The EDS chemical analysis of the
microstructure in Table 3 confirms the intergranular corrosion attack. Figure 8a shows
the η(Zn) dendritic microstructure affected by the corrosion along the interdendritic areas.
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η(Zn) primary dendrites also showed the signs of corrosion in the form of fine cracks. These
can be attributed to the presence of fine, sub-micron Al-rich particles observed within
the η(Zn) primary dendrites. In a more detailed image (Figure 8b) it can be seen that
α(Al) and MgxZny particles were corroded. Mg2Sn particles were subject to the process of
dealloying [28–31], leaving thus pure metallic Sn particles behind.

  

Figure 9. MZ + 2.0Sn annealed microstructure after 1000 h in NSST affected by IG corrosion: (a) overview, (b) detail.

Table 3. EDS chemical composition of selected sites (at.%).

Site No. (as Labeled in Figures 8 and 9)

Chemical Element (at.%) 1 2 3 4 5 6 7

Zn 97.31 55.32 29.66 46.12 96.08 77.88 21.29
Al 2.69 2.69 5.31 2.83 2.53 2.54 30.42
Mg 0.00 5.11 13.23 2.88 0.00 17.38 1.00
Sn 0.00 0.38 0.25 14.05 0.00 0.00 0.98
O 0.00 33.15 59.95 33.97 1.39 2.20 46.13
Cl 0.00 3.34 0.60 0.14 0.00 0.00 0.19

Phase/Region η(Zn) Corrosion
product

Corrosion
product

Residue Sn from
Mg2Sn particle η(Zn) Mg2Zn11

Corrosion
product

As reported in the first part of this research [22], the basic dendritic character of
the microstructure was still rather well maintained for the MZ + 0.0Sn and MZ + 0.5Sn
alloys even after annealing. Hence, the IG corrosion is observed to propagate preferably
along the interdendritic areas. For the annealed samples with 1 and more wt.% of Sn the
microstructure is more spheroidized. The individual intermetallic phases were coalesced
into coarse, discrete particles, while η(Zn) dendrites were reshaped and new grains are
formed within the microstructure. The boundaries of these grains contained a significant
portion of intermetallic phase particles. As such, they were more susceptible to the IG
corrosion. The propagation of the IG corrosion is documented in Figure 9a and the grain
boundaries decorated by intermetallic particles are shown in closer detail in Figure 9b.

The XRD analysis was performed on all samples after NSST. As described, loose
corrosion products were gathered and investigated. The XRD was used to determine
the phase composition of the corrosion products formed on the samples during NSST.
The XRD patterns for all corrosion products retrieved from the as-cast and annealed
samples are summarized in Figures 10 and 11, respectively. The presence of the identified
phases was also confirmed using the Rietveld method (Table 4). Despite the differences
between the microstructure of the as-cast and annealed samples, their corrosion products
showed an identical qualitative phase composition. The semi-quantitative results from
these calculations indicate that the majority of the corrosion products were formed by a
hydrozincite for all samples. About 20 vol.% of simonkolleite was measured for all pure
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Zn samples (Figures 10a and 11a). The corrosion products of MZ-based samples contained
only about 10 vol.% of simonkolleite on average (Figures 10b–d and 11b–d).

ZnO was identified solely in the corrosion products of the pure as-cast Zn sample
(Figure 10a), representing only about 2 vol.%.

NaCl was identified in randomly varying amounts in the corrosion products as a
remainder of the corrosion environment.

Next to hydrozincite and simonkolleite, the sources indicated that other phases might
also be formed [17–20,32–39]. Therefore, the corroded surfaces of the bulk metallic samples
were investigated after the loose corrosion products were removed. The measurement in
grazing incident diffraction mode with 0.5◦ incident angle was chosen to limit the signal
from the substrate (mainly Zn) as much as possible. Additionally, to previously identified
phases, zincite (ZnO) and aluminium (II) oxide (AlO) were identified as present directly
attached to the sample surface. An example of such a pattern is given in Figure 12 for the
MZ + 3.0Sn annealed sample surface after 1000 h of NSST. However, only about 2 and
5 vol.% of ZnO and AlO, respectively, were identified using the Rietveld method.

Table 4. Phases identified during XRD analysis.

Phase Name
Phase Chemical

Formula

Reference
Code—ICSD FIZ

Karlsruhe Database

Crystallography
Open Database

COD ID
Crystal System Space Group

Space Group
Number

Hydrozincite Zn5(OH)6(CO3)2 01-072-1100 9007481 Monoclinic C2/m 12
Simonkolleite Zn5(OH)8Cl2·H2O 98-003-4904 9004683 Hexagonal R3m 166

Zincite ZnO 98-015-4487 9004178 Hexagonal P63/mc 186
Aluminium (II) Oxide AlO 98-002-8920 - Cubic Fm3m 225

Sodium Chloride NaCl 01-075-0306 1000041 Cubic Fm3m 225

 

Figure 10. XRD patterns of corrosion product powders retrieved from the as-cast samples after 1000 h
of NSST: (a) pure Zn (b) MZ + 0.0Sn (c) MZ + 0.5Sn (d) MZ + 3.0Sn.
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Figure 11. XRD patterns of corrosion product powders retrieved from the annealed samples after
1000 h of NSST. (a) pure Zn (b) MZ + 0.0Sn (c) MZ + 0.5Sn (d) MZ + 3.0Sn.

 

Figure 12. XRD pattern on MZ + 3.0Sn annealed sample surface after 1000 h NSST, measured in
grazing incident geometry.

4. Discussion

4.1. SEM vs. Mass Balance after NSST

Both weight loss and weight gain were observed for a significant portion of the
as-cast samples due to several related properties of the ZnAlMg alloy system. During
directional cooling of these alloys, the η(Zn) phase forms the primary dendrites, while
the interdendritic spaces are formed by a fine mixture of various phases including α(Al)
solid solution, MgZn2, Mg2Zn11, and Mg2Sn intermetallic phases. There is an inherent
difference in the open circuit potential (OCP) of these phases mainly compared to the
η(Zn) phase (Figure 13). Consequently, the interdedritic phases seem to offer the galvanic
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protection to the η(Zn) phase dendrites. Due to this phenomenon, the interdendritic spaces
corrode prior to the η(Zn) phase. The still intact η(Zn) phase dendrites act as anchors
holding these corrosion products in place. These corrosion products cannot be removed by
the environment during the NSST, nor by chemical cleaning done in the preparation for
the sample weighing after the test. Naturally, the total weight of such corrosion products
is greater as the weight of the original metallic phases. This phenomenon will cause
weight gain for several samples even after the corrosion products were removed as much
as possible before weighing. This increase in weight is also followed by an increase in
volume. Following the BSEM images, it is clear that the η(Zn) phase dendrites are cracking
as seen in Figure 8. This could be attributed to volume expansion-induced cracking
(Figures 3a and 8a).

 

Figure 13. Overview of OCP values for phases present in the investigated system [34,40–44].

4.2. Corrosion of Individual Phases

Based on the SEM investigation, it can be concluded that individual phases are
corroding in the following order: α(Al) → MgxZny → Mg2Sn (if present) → η(Zn).

For α(Al), MgxZny and η(Zn) this order corresponds with their respective corrosion
potentials reported in the literature as seen in Figure 13. On the contrary, Mg2Sn behaves
as a more noble phase compared to α(Al) and MgxZny phases despite having a lower OCP
compared to these phases. A clear example is given in Figure 14a, where already in an
early stage of the corrosion attack, an Mg2Zn11 particle is affected by the corrosion when in
contact with an Mg2Sn particle. Such a phenomenon can be caused by several factors, such
as for example a local change in pH, or local change in chemical composition of these Mg2Sn
particles. The second phenomenon was regularly observed in all Sn-containing alloys.
During the corrosion, the local dealloying of Mg2Sn particles occurs. Mg2Sn particles are
separated into Mg and Sn atoms. Mg is most probably immediately forming new corrosion
products, while Sn resides in the form of metallic particles. These can be observed on
most BSEM images of the areas affected by the IG corrosion. As shown in Figure 14b,
even the formation of an Sn-rich shell can be observed on larger particles found in the
annealed samples. The Mg content of former Mg2Sn particles is being gradually reduced,
hence, the remaining metallic particle will have locally a higher potential compared to
neighbouring microstructure components. As a final stage, pure Sn particles are formed in
the place of Mg2Sn particles. This process is even described by several authors [28–31] as a
potential energy storage system for batteries. The final stage of this process is documented
in Figure 15a. The corresponding EDS maps in Figure 15b confirm the presence of Sn-
based metallic particles. Mg and O maps are overlapping, indicating that Mg is forming
corrosion products.
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Figure 14. Behaviour of Mg2Sn intermetallic phase during corrosion (MZ + 2.0Sn, annealed): (a) Influence of Mg2Sn on
initial stage of corrosion of Mg2Zn11 intermetallic particle; (b) dealloying of Mg2Sn particle.

  

Figure 15. Details of Mg2Sn particles affected by dealloying (MZ + 3.0Sn, annealed): (a) overview BSEM image; (b) chemical
element distribution maps of Mg, O, Sn and Zn.

4.3. Phase Composition of Corrosion Products

Hydrozincite and simonkolleite are the most common corrosion products reported by
several authors for similar alloy systems [18–20,32,33,36–38]. This is in good agreement
with the current results.

The semi-quantitative analysis showed that a slightly higher portion of simonkolleite
was found in the corrosion products of both as-cast and annealed pure Zn samples com-
pared to MZ + xSn alloys. This is in line with the observation of Prosek et al. [32], where
simonkolleite was more likely to be identified for pure Zn coatings. As the XRD analysis
could not give the data on the chemical composition of these phases, the presence of Mg
and Al in the corrosion products of MZ-based alloys was measured by the SEM EDS
analysis with up to 2 wt.% of Mg and up to 1 wt.% of Al. From the two main corrosion
products, the hydrozincite can accommodate Mg as a metallic ion in its structure [45,46].
This would support our observation, where the increased amount of the hydrozincite was
identified on the MZ + xSn samples compared to pure Zn.

Additionally, layered double hydroxide (LDH) phases were identified, where LDH
can represent a group of similar phases [18–20,32,36,39,47]. Azevedo et al. [20] identified
LDH within the corrosion products formed on a Zn3.7Al3.0Mg alloy coating after 100 h
of NSST (5% NaCl). Applying the Rietveld method refinement to their XRD pattern
revealed that about 2–3 vol.% of the corrosion products were formed by LDH (ICSD
FIZ Karlsruhe database 98-015-5051). Similarly, a low amount of LDH was indicated
by the semi-quantitative results of Prosek et al. [32] within the corrosion products of
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Zn1.5Al1.5Mg alloy coatings exposed to model atmospheric conditions. However, in the
studied system, LDH was not confirmed in any of our measurements, not even during GI
XRD measurements performed directly on the corroded surface with the loose corrosion
products removed. When comparing our experiments to the literature, there are two
probable causes: we had rather low Al and Mg content compared to NSST done by
Azevedo et al. [20]. Prosek et al. [32] used the same coating, however, in a very different
corrosion environment. We might have a specific combination of parameters, which are
not favourable for the creation of LDH.

5. Conclusions

Based on the experimental results discussed in part I and part II of this research, the
following conclusions can be drawn:

• Weight change cannot be correlated with alloy composition nor NSST exposure time
due to presence of IG corrosion.

• Increasing the exposure time in NSST from 250 h to 1000 h increases the intergranular
corrosion penetration depth, regardless of the chemical composition and heat treatment.

• As-cast samples were more susceptible to the IG corrosion as interdendritic areas are
forming a connected network of less noble phases. These include α(Al), MgxZny and
Mg2Sn, while dendrites are formed mainly by η(Zn).

• Adding 0.5 wt.% Sn has almost no effect on the weight change of the as-cast samples
after NSST compared to MZ + 0.0Sn, while being significantly less susceptible to the
IG corrosion. As a result, the as-cast MZ + 0.5Sn samples show the most favourable
corrosion behaviour.

• Adding 1 to 3 wt.% of Sn yields in the weight gain instead of the weight loss as well
as a significant increase in the IG corrosion depth.

• Annealed alloys are less susceptible to the IG corrosion as intermetallic phases are
coalesced, spheroidised, and more uniformly distributed within the η(Zn) matrix or at
newly formed grain boundaries of η(Zn).

• Changing the alloy composition of the annealed samples has only a slight effect on
the weight change. Nevertheless, the samples with 3 wt.% of Sn showed the most
favourable results. Meanwhile, the IG corrosion depth is comparable to MZ + 0.0Sn,
resulting in overall best performance of the annealed MZ + 3.0Sn samples.

• Hydrozincite and simonkolleite were identified as the main corrosion products on all
samples. A small portion of ZnO was identified only on pure Zn samples. GI XRD
measurements indicated a small amount of AlO formed on most MZ-based samples.

• Current results show that even the high temperature exposure of up to 310 ◦C does
not negatively affect the corrosion performance of these alloys. It could be noted that
such exposure even provides a beneficial effect and enhances the corrosion resistance
of the coating by suppressing the IG corrosion.
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Abstract: For orthopaedic applications, additive manufactured (AM) porous scaffolds made of
absorbable metals such as magnesium, zinc or iron are of particular interest. They do not only offer
the potential to design and fabricate bio-mimetic or rather bone-equivalent mechanical properties,
they also do not need to be removed in further surgery. Located in a physiological environment,
scaffolds made of absorbable metals show a decreasing Young’s modulus over time, due to product
dissolution. For magnesium-based scaffolds during the first days an increase of the smeared Young’s
modulus can be observed, which is mainly attributed to a forming substrate layer of degradation
products on the strut surfaces. In this study, the influence of degradation products on the stiffness
properties of metallic scaffolds is investigated. For this, analytical calculations and finite-element
simulations are performed to study the influence of the substrate layer thickness and Young’s
modulus for single struts and for a new scaffold geometry with adapted polar cubic face-centered
unit cells with vertical struts (f2cc,z). The finite-element model is further validated by compression
tests on AM scaffolds made from Zn1Mg (1 wt% Mg). The results show that even low thicknesses
and Young’s moduli of the substrate layer significantly increases the smeared Young’s modulus
under axial compression.

Keywords: additive manufacturing; scaffolds; bioabsorbable metals; biodegradation; lattice struc-
tures; stiffness properties

1. Introduction

The increasingly elderly population and the accompanying rising number of bone
fractures have led to a significant rise in physical disabilities. The healing of larger bone
defects is still a challenging task in orthopaedics. Using degradable implants eliminates
the need for revision surgery, which may be required for some permanent medical devices.
Thus, using such implants would not only benefit the patient, but also reduce healthcare
costs [1]. Ideally, the implants should present a fully interconnected porous structure
and should show equivalent mechanical properties, especially regarding the stiffness [2].
Such a biodegradable bone implant would allow fully natural bone regeneration, while
the material gradually disappears in the body through absorption. These requirements
can be fulfilled i.e., by additive manufactured (AM) lattice structures. Due to the large
number of available materials and design parameters, almost any mechanical and material
requirement profile can be set. However, biocompatibility and an interconnected porous
structure can be fulfilled by a wide range of materials, reaching equivalent mechanical
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properties at the same time is still challenging. Biocompatible materials can be found in a
wide variety of material classes [3]. One example are polymer-based materials, which offer
great advantages in terms of customized biodegradation and design [4]. Further to mention
are ceramic materials, which also exhibit the aforementioned biodegradation and offer
particularly good healing properties for bone defects [5]. However, for fully load-bearing
applications only metals fulfill the needed properties, especially regarding strength and
stiffness [6]. The Laser Powder Bed Fusion (LPBF) process enables the individualized
production of high-resolution lattice structures with very fine struts (<250 μm) [7,8] at
reasonable costs, and is thus ideal for the production of personalized implants [9]. In
particular, the use of zinc (Zn), magnesium (Mg), iron (Fe) and their alloys, are increasingly
coming into focus for orthopaedic applications [10,11]. Although Fe-based implants would
biomechanically, and with respect to their corrosion speed [12,13], gain most from increased
porosity [14], their limited cytocompatibility is a concern [15]. Nevertheless, in comparison
to pure zinc and magnesium, iron has the highest values regarding yield strength and
Young’s modulus (σy,Fe ≈ 200–352 MPa, EFe ≈ 188–215 GPa [16–18]; σy,Zn ≈ 12–32 MPa,
EZn ≈ 43–150 GPa [12,18,19]; σy,Mg ≈ 51 MPa, EMg ≈ 27–35 GPa [20–22]) and offers a large
margin for introducing a controlled porosity, which directly influences the strength and
stiffness properties of the material. Alloying can further improve the mechanical properties.
Adding Zn to Mg-based alloys increases the yield strength and Young’s modulus of the
material [3,13,23]. Same goes for Zn alloyed with Mg [3,19,24], whereas adding aluminum
to Zn-based alloys leads to a decrease in stiffness and strength [19].

Examples for Mg- and Zn-based studies on porous scaffolds can be found, e.g., in
Witte et al. [25], who show the feasibility of producing AM open-porous, biodegradable
and biocompatible Mg scaffolds. Li et al. [2] produced AM WE43 (Mg alloy with 4 wt%
yttrium and 3 wt% rare earth elements) scaffolds based on diamond unit cells, to show
the in vitro biodegradation behavior, mechanical properties and biocompatibility. Further-
more, Kopp et al. [26] showed that the pore size of Mg scaffolds influences the long-term
stability, while heat treatment especially effects the degradation and mechanical stability.
Cockerill et al. [27] used a casting approach to produce porous structures made of pure Zn
and studied the topology, mechanical properties, biodegradation and biocompatibility. An-
other example is shown by Li et al. [28], who produced scaffolds from Zn with a diamond
lattice structure via LPBF and studied the static and dynamic biodegradation behavior.

In a physiological environment biodegradable metals usually show a decreasing
Young’s modulus during the degradation process, due to the progressive absorption of the
metallic surface, which consequently leads to a reduction of the strut cross section [29–32].
Since the strut thickness is directly related to the stiffness, the latter will also decrease.
Interestingly, during the first days of in vitro corrosion of Mg-based (WE43) scaffolds, an
increase of around 40% in the Young’s modulus was recently reported [2]. This increase
in stiffness is mainly attributed to the formation of a composite cross section, consisting
of the base strut and an adherend layer of degradation products. A brief review of the
literature shows [3,10,29,31] that the compound of degradation products, which adheres
to the surface of the struts, consists for the most parts of hydroxides, phosphates and car-
bonates, for which only insufficient mechanical properties can be found. The phosphates
and carbonates form a compound of usually unspecified chemical composition that further
changes over time. Furthermore, a hydroxide layer is forming on the metallic surface. The
basic biochemical processes, responsible for this, can be summarized as followed [29,31,32]:

Anodic reaction Metal → Metaln+ + n(e−)
Cathodic reaction 2H2O + 2e− → 4OH− + H2

2H2O + O2 + 4e− → 4OH−
Product formation Metaln+ + n(OH−) → Metal(OH)n
Product dissolution Metal(OH)n + 2Cl− → Metal(Cl)2 + 2OH−

Figure 1 shows a simplified schematic of the degradation process. The human body
fluid releases an anodic reaction, and the free electrons undergo a cathodic reaction un-
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der the release of hydrogen and hydroxide ions, which form together with the metal a
hydroxide layer on the surfaces of the struts. From equivalent reactions, phosphates and
carbonates form on the strut surfaces [29]. These processes are responsible for an increase
in stiffness during the early phases of the corrosion process [2]. Later, chloride ions start
the dissolution of the biodegradable metal to cause a decrease of the cross-sectional strut
diameter of the scaffold.

OHି Metal୬ା Metal(OH)n
HP0ସଶି HC0ଷିMetal(PO)4 Metal CO 3 Clି Metal Cl 2

Figure 1. Schematic process sketch of the degradation process of absorbable metals according to
Han et al. and Li [29,31].

We now used Zn1Mg (1 wt% Mg) as an example to investigate the influence of
degradation products on the elastic stiffness properties of metallic scaffolds using analytical
calculations and finite-element (FE) simulations. For this, first, we focused on the direct
influence of the forming substrate layer of degradation products on the axial and bending
stiffness of single struts. The corroded strut is modeled as a composite beam with a solid
Zn1Mg base strut and a thin-walled layer of corrosion products of unspecified chemical
composition. Instead of using concretely quantified values for the Young’s modulus for
the compound of degradation products, hypothetical multiples of the Zn1Mg Young’s
modulus are used. Afterwards, a new scaffold geometry, based on a polar modeling of a
f2cc,z unit cell is produced and tested, to validate the FE model. Using the validated model,
a FE parametric study is done to investigate the influence of the substrate layer thickness
and Young’s modulus of the compound on the smeared Young’s modulus of the scaffold.

2. Materials and Methods

2.1. Scaffold Manufacturing

The LPBF (Laser Powder Bed Fusion) experiments were performed on an Aconi-
tyMINI system designed by Aconity3D (Herzogenrath, Germany), which is specifically
developed for laboratory use. This system is characterized by an adapted gas flow manage-
ment to remove the resulting process fume for materials with low melting and evaporating
temperature (i.e., zinc: 692 K, 1180 K). These materials tend to produce a large amount of
process fume during manufacture. The beam source is a single-mode fiber laser (wave-
length of 1064 nm) with up to 400 W of power output. Samples were manufactured on
a zinc baseplate using a bidirectional scanning strategy with 90° rotations between con-
secutive layers. The energy input during exposure was controlled by the selected process
parameters (laser power (PL), layer thickness (Ds), scanning speed (vs), and hatch distance
(Δys)). The volume energy density (EV) was calculated as followed [33]:

EV =
PL

DSvsΔys
(1)

Within the scope of this work, all AM scaffolds were manufactured with a constant
layer thickness of 30 μm and EV was set for all scaffolds to 133 J/mm3. The scaffolds were
afterwards sandblasted with 2.5 bar, to remove adhering powder particles.
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2.2. Scaffold Geometry

Figure 2 shows the scaffold geometry, which was used for the FE study and validation
tests. A modified polar f2cc,z unit cell was used. A total number of four cells in radial
direction (n1,2 = 4), a total number of 17 cells in circumferential direction (m = 17) and
a total number of 12 cells in height direction (n3 = 12) was chosen. The scaffold has
a total height of h = 12 mm and a diameter of d = 10 mm. The nominal strut radius
is rs = 0.1 mm. The cell width b results from b = (d − 2Rm)/(2n1,2) = 0.9 mm, where
Rm = 1.4 mm is the radius of central cavity, or rather the inner radius of the first cell
ring, measured at the cells edges. Since the cells only approximate a circle, the radial
position of the midpoint of the cells side faces lies at rm,i = ri cos(ϕ/2) for the inner face
and rm,a = ra cos(ϕ/2) for the outer face, where ri is the inner radius of the cell edges and
ra is the outer radius of the cell edges and ϕ = 2π/m is the proportion that a cell has in the
total circumference. The strut inclination ω of the circumferential diagonal struts can be
calculated for the inner diagonals of each cell ring (ωi) and for the outer diagonals of each
cell ring (ωo) as followed:

ωi = arctan(h/bi); ωo = arctan(h/bo) (2)

The radial orientated diagonals strut inclination is equal for all cell rings and results
from ωr = tan(h/b). Table 1 sums the resulting geometric parameters of the scaffold. It
should be noticed that for the outer rings, the strut inclinations of the diagonals become
lower 45°, which usually leads to unfavorable conditions in the AM process. By an
optimization of the manufacturing parameters, see Section 2.1 for reference, and the good
processability of the material, it was nevertheless possible to produce flat angles, as shown
in Figure 3. The strut diameters of the manufactured scaffolds were measured at random
positions, resulting in rs ≈ 0.092–0.106 mm, which lies in an acceptable tolerance range of
the nominal strut radius.

Table 1. Resulting geometric parameters of the scaffold used for this study (Rm = 1.4 mm); i defines
the actual ring, starting from the middle with i = 1 according to Figure 2.

i ri [mm] rm,i [mm] bi [mm] ωi [◦] ro [mm] rm,o [mm] bo [mm] ωo [◦]

1 1.4 1.376 0.515 62.8 2.3 2.261 0.845 49.8
2 2.3 2.261 0.845 49.8 3.2 3.146 1.176 40.4
3 3.2 3.146 1.176 40.4 4.1 4.030 1.507 33.6
4 4.1 4.030 1.507 33.6 5.0 4.917 1.838 28.6

Figure 2. Scaffold geometry used for the study.
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Figure 3. Resulting LPBF produced scaffold used for the physical evaluation.

2.3. Materials and Mechanical Properties

This study focuses a non-commercial Zinc-Magnesium alloy (Zn1Mg—1 wt% Mg),
atomized by Nanoval GmbH (Berlin, Germany). The elastic material properties used for
the numerical and analytical studies are based on literature data [19,34–36]. Validation
tests are done on additively manufactured Zn1Mg scaffolds. Furthermore, this study is
based on a previous study using Mg-based (WE43) scaffolds [2]. Young’s modulus and
yield strength of Zn1Mg were reported by Yang et al. [19]. Young’s modulus of Zn1Mg is
documented to be EZn1Mg ≈ 19 GPa and yield strength σy,Zn1Mg ≈ 74 MPa. The mechanical
properties for Zn1Mg have been extracted via tensile tests. Both the zinc content as well
as the magnesium content will take part in the biochemical reaction process. Material
properties for Zn(OH)2, Mg(OH)2, ZnCO3 and MgCO3 from degradation processes are
not sufficiently documented in the literature, but can be approximated by extrapolating
data i.e., from Ulutan et al. [34], who reported values for the Young’s modulus of Mg(OH)2
of EMg(OH)2

= 64 GPa, Ulian et al. [35] reporting throughout anisotropic behavior an
EMg(OH)2

≈ 64–180 GPa, or Yao et al. [36] reporting the Young’s modulus of MgCO3 to be
EMgCO3 ≈ 150–260 GPa. For Mg(PO)4 and the degradation products of Zn, insufficient
data were found. Due to the poor data concerning material properties and proportions
of the composite material, hypothetical Young’s moduli were defined by multiples of
the base materials Young’s modulus, which is adequate for the analytical and numerical
investigations concerning the general influence.

2.4. Analytical Model

The metallic strut and the enclosing compound of degradation products can be mod-
eled as a composite beam. Here, the metallic core is surrounded by a thin-walled mineral
cross section, which is idealized to be perfectly round in the following, and is demon-
strated in Figure 4. Afterwards, the axial and bending stiffness of a composite strut can
be calculated by a summation of the individual layer stiffnesses. The resulting equivalent
composite axial stiffness EA can be calculated as followed:

EA = ∑ Ej Aj = Esr2
s π + Esub

(
2rstsub + t2

sub

)
π, (3)

where Es is the base materials Young’s modulus, Esub is the Young’s modulus of the
compound of degradation products in the substrate layer, rs is the inner radius of the
substrate layer, or rather the base strut radius, and tsub is the thickness of the substrate
layer. For the equivalent composite bending stiffness EJ results:

EJ = ∑ Ej Jj = Es
π

4
r4

s + Esub
π

4

(
(rs + tsub)

4 − r4
s

)
. (4)

199



Materials 2021, 14, 6027

Figure 4. Cross section of the idealized corroded strut; in grey: base strut, in orange: compound of
degradation/reaction products.

2.5. Finite-Element Model

For the FE calculations Abaqus/Standard with python scripting for model creation
was used. The scaffolds were meshed using 3-node quadratic beam elements (B32). A
convergence study showed that using five elements per strut gives sufficient results. Linear
elastic material behavior and a static, displacement-controlled step was used. A displace-
ment of u = 1 mm in axial direction (x3−direction) of the scaffold was applied. The
summation of the nodal reaction forces in axial direction F3 was measured. The resulting
stiffness can be calculated from (EA) = F3h/u3. Since for beam elements no composite
cross section can be defined in Abaqus/Standard, a generalized beam profile was used.
Stiffnesses were defined according to Equations (3) and (4). To validate the beam formula-
tion, a single strut under compression and bending was modeled using (a) a 3D-volume
mesh with a hybrid meshing strategy using 10-node quadratic tetrahedron (C3D10) and
20-node quadratic hexagonal (C3D20) elements and (b) the aforementioned beam modeling
strategy. For good mesh quality 48 elements in circumferential direction and five elements
in radial direction plus one additional element for the substrate layer were used. According
to the scaffold mesh, for the single strut beam model a total number of ten 3-node quadratic
beam elements (B32) was used. Both models are show in Figure 5. The base strut radius
was set to rs = 0.1 mm and the substrate layer thickness to tsub = 0.01 mm (see Figure 4
for reference). The strut length is l = 5 mm. The beam model cross section was defined
with a generalized beam section according to the scaffold model. Struts under both axial
compression and bending were examined. For the axial loaded strut, a simply supported
beam and for the bending model a cantilever beam model was used.

(a) Solid mesh ( ) Beam mesh

x2

x3

x1

x3

x1

x3

Cross Sec on
x2

x3

Figure 5. Finite-Element Mesh; (a) solid model, (b) beam model with schematic cross section.

2.6. Compression Testing

To validate the FE model, compression tests on equivalent LPBF (Laser Powder Bed
Fusion) produced Zn1Mg polar scaffolds were done. A total number of two specimens was
tested. The tests were done on an Instron 5567 electric tensile/compression testing machine
with 30 kN load cell. The tests were performed displacement controlled with a crosshead
speed of u̇ = 0.2 mm/min. The crosshead displacement and load were documented.
Since small shifts in the test setup lead to differences between the real and the crosshead
displacement, the tests were monitored via DIC-technique (Direct Image Correlation) using
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an Aramis 4M system by GOM. By this, the real displacement of the specimen can be
measured. Figure 6 shows the used setup for the compression tests.

Figure 6. Experimental setup for compression tests on AM Zn1Mg scaffolds.

3. Results

3.1. Analytical Results

Figure 7 shows the results of the analytical calculations for the Zn1Mg single struts
under axial compression. Shown is resulting composite Young’s modulus E as a function of
the substrate layer thickness tsub for different strut radii rs (50 μm–250 μm). Furthermore,
Figure 7 (a) shows the resulting absolute composite Young’s modulus (left axis) and relative
increase E/EZn1Mg) (right axis) for a Young’s modulus twice as high, (b) three times as high,
(c) four times as high and (d) five times as high as the base materials Young’s modulus.
It can be noticed that the thinner the struts and the thicker the substrate layer, the higher
the resulting composite axial stiffness of the strut. Especially for smaller strut radii, i.e.,
rs = 50 μm, as well as for small substrate thicknesses, the effect of an increase in axial
stiffness is clearly visible. Same applies for high Young’s moduli of the substrate layer.

(a) Esub = 2 · EZn1Mg (b) Esub = 3 · EZn1Mg

(c) Esub = 4 · EZn1Mg (d) Esub = 5 · EZn1Mg

Figure 7. Analytical calculation of the axial stiffness of a single composite strut for varying parameters
of the substrate layer.
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Figure 8 shows the results for the analytical observations of the Zn1Mg single struts
under bending. Shown is the resulting composite bending stiffness EJ as a function
of the substrate layer thickness tsub for different substrate Young’s moduli Esub, which
is set to 2–5 times the base materials Young’s modulus EZn1Mg. Furthermore, Figure 8
shows the resulting absolute composite bending stiffness EJ (left axis) and relative in-
crease EJ/(EJ)Zn1Mg) (right axis) for (a) a base strut radius rs = 50 μm, (b) rs = 100 μm,
(c) rs = 150 μm and (d) rs = 200 μm. With increasing substrate layer thickness and higher
substrate Young’s modulus, a higher increase in bending stiffness can be observed. Espe-
cially for small strut radii, such as rs = 50 μm, very high increases in bending stiffness can
be achieved. This is not only the case for high moduli of the substrate layer, but also in the
case when the composite of degradation products has the same Young’s modulus.

(a) rs = 50 μm (b) rs = 100 μm

(c) rs = 150 μm (d) rs = 200 μm

Figure 8. Analytical calculation of the bending stiffness of a single composite strut for varying
parameters of the substrate layer.

3.2. Finite-Element Results
3.2.1. Single Strut Simulations

Figure 9 shows the results of the FE simulations of single struts under axial compres-
sion. For both the base strut and the corroded strut, the axial reaction force RF1 shows
nearly equal values and the difference lies under 0.02%. In Figure 10 the comparison
for the bending loaded struts is presented. In both cases the results of the beam model
and the solid model are in good agreement. For the base struts, the difference regarding
reaction force RF and reaction moment RM lies at around 1%. For the corroded struts, the
difference is lower than 0.03%. Furthermore, especially in the case of the corroded strut,
the calculation time can be massively decreased using a beam modeling approach.
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Figure 9. Reaction force (RF) comparison of modeling approaches for base and corroded strut under
axial compression; (left) beam elements, (right) solid elements.

Figure 10. Reaction force (RF) and reaction moment (RM ) comparison of modeling approaches for
base and corroded strut under bending; (left) beam elements, (right) solid elements.

3.2.2. Whole Scaffold Modeling

Figure 11 shows the results of the FE Scaffold parametric study. Shown is the resulting
smeared Young’s modulus E of the scaffold, which results from dividing the axial reaction
forces by the projected cross section of the whole scaffold A, as a function of the base strut
radius rs for different thicknesses of the substrate layer tsub and (a) a compound Young’s
modulus of the substrate layer of Esub = 19 GPa (equal to EZn1Mg), (b) Esub = 38 GPa, (c)
Esub = 57 GPa and (d) Esub = 76 GPa. The stiffness grows exponentially as a function
of the strut diameter and is clearly more pronounced the higher the Young’s modulus of
the compound of the substrate. A significant increase in the axial stiffness of the scaffolds
can be observed from all hypothetical Young’s moduli of the substrate. Table 2 sums the
quantitative results for the respective Young’s moduli. It can be seen that already for a
base materials equivalent Young’s modulus of the substrate, small substrate thicknesses of
a few microns and small strut radii lead to an increase in stiffness of 22–85%. The effect
increases significantly when considering higher layer thicknesses and higher stiffnesses of
the substrate layer.
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Table 2. Percentage increase of the smeared Young’s modulus E for varying substrate Young’s moduli
Esub and layer thicknesses tsub.

Esub [GPa] tsub [μm]
rs [mm]

0.05 0.1 0.15 0.2 0.25

19
5 22% 11% 8% 6% 4%
10 46% 23% 15% 11% 9%
20 102% 49% 35% 23% 18%

38
5 43% 22% 14% 11% 8%
10 91% 44% 29% 22% 17%
20 201% 95% 61% 45% 35%

57
5 64% 32% 21% 16% 13%
10 136% 66% 43% 32% 25%
20 300% 140% 90% 66% 52%

76
5 85% 42% 28% 21% 17%
10 180% 87% 57% 42% 34%
20 353% 164% 106% 78% 61%

(a) Esub = 19 GPa (b) Esub = 38 GPa

(c) Esub = 57 GPa (d) Esub = 76 GPa

Figure 11. Results of the FE simulations of corroded scaffolds for varying parameters.

3.3. Confirmation by Physical Evaluation

Figure 12 shows the results of the two tested scaffolds under axial compression in
comparison to the FE result. The tests show reproducible behavior regarding the stiffness.
The smeared Young’s modulus of the scaffolds can be calculated in the linear region of the
load-displacement curves by E = Fh/(Au), where F is the measured force in the machines
load cell, h is the total height of the scaffold, A is the projected smeared cross section of the
scaffold and u is the displacement associated with the measured force. From the tests, a
Youngs’s modulus of approximately Etest ≈ 1125 MPa can be determined, measured in the
area between 600–800 N. From the FE model a Young’s modulus of EFE = 1258 MPa can be
extracted. Furthermore, the FE model shows that for loads smaller 800 N, nowhere the strut-
stresses have exceeded the yield point. The slight differences could be attributed to local
deviations in the strut diameter of the AM scaffolds, as shown in Section 2.2 respectively
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Figure 3. Furthermore, the modeling using beam elements neglects the accumulation of
material in the nodes of the real scaffold. Furthermore, the used Young’s modulus is based
on literature data and it is well known that Young’s moduli of AM materials tend to show
slight differences (see also Section 1). Nevertheless, the tests show that the FE model based
on beam elements provides sufficiently accurate results in terms of the resulting smeared
axial stiffness and can be used for the parametric study.

Figure 12. Validation of FE model: Resulting load-displacement curve of two tested LPBF produced
scaffolds and equivalent FE model.

4. Discussion

We investigated the influence of degradation products on the elastic stiffness proper-
ties of biodegradable metallic scaffolds. For this, a hypothetical compound of degradation
products was modeled as a thin-walled layer with a homogeneous cross section. The
compound of degradation products consists for the most parts of hydroxides, phosphates
and carbonates [29–32]. Since there is no sufficient database, yet, for the mechanical
properties of the degradation products, hypothetical Young’s moduli were defined using
multiples of the Young’s modulus of the base material, which was obtained from litera-
ture data [3,12,13,16–24]. By this, the influence of the degradation products on the elastic
stiffness properties as a function of the layer thickness and Young’s modulus could be
investigated. This was done using analytical models and finite-element simulations for
single struts, to show the direct influence of the layer of degradation products on the axial
and bending stiffness, as well as for whole scaffold geometries, to show the superposed
influence on the axial smeared Young’s modulus of a specific scaffold geometry. Two
modeling approaches were contrasted for the FE simulations, first a meshing strategy using
a 3D volume mesh and second using beam elements. Both approaches show concurring
results. For this reason, the beam model was used for a parametric study on whole lattice
scaffold geometries, due to the enormous difference regarding the calculation time. To
validate the FE model, scaffolds were produced via LPBF and compression tests on two
scaffolds were done.

From the single strut investigations can be concluded that depending on the substrates
Young’s modulus and the ratio of strut radius to thickness of the substrate layer, significant
increases of the composite axial and bending stiffness is expected. The effect intensifies,
the smaller the base strut radius in the initial state is. This applies as well as for relatively
low Young’s moduli of the substrate layer as for very high Young’s moduli. In comparable
studies [2,14,15,25,26], mentioned in the introduction part, strut diameters of 300–400 μm
were used for orthopaedic scaffolds. Even for low layer thicknesses (i.e., 10 μm) and low
Young’s moduli, for single struts with diameters in this range, depending on the thickness
of the substrate layer and the composite module, an increase of more than 10% for the
Young’s modulus under axial compression and more than 40% in bending stiffness can be
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expected, which is not to be confused with the Young’s modulus in the bending load case.
To validate the base FE model, physical test results were compared to an equivalent FE
simulation, using beam elements for meshing. As presented in the results section, the beam
modeling shows similar results, compared to a much more numerically expensive meshing
strategy with solid elements. The compression tests on LPBF produced scaffolds show
reproducible results and furthermore equivalent smeared Young’s moduli in the FE model
and physical tests. For this reason, a FE parametric study on the tested geometry was done
by varying the substrate layer thickness and the Young’s moduli of the compound of the
degradation products in the substrate layer, to study the influence of the substrate layer
on the smeared Young’s modulus of complex scaffold geometries. Our results show that
an enormous increase in stiffness can be expected even for complex geometries, which
was also observed by Li et al. [2] for diamond lattice structures made from WE43. For the
previously mentioned example of strut diameters of 300–400 μm, the investigations on the
scaffolds show that a much stronger effect can be observed due to the superposition of the
axial and bending stiffness increase. As presented in the results section, the increase of the
smeared axial Young’s modulus under compression can be quantified to approximately
10–40% for a layer thickness of 10 μm and varying Young’s moduli. The effect intensifies to
values of approximately 20–80%, if i.e., a layer thickness of 20 μm is assumed. From this can
be followed that compared to the separated reflection of the influence of the substrate layer
on axial and bending stiffness of single struts, the effect of a stiffness increase is clearly more
pronounced in the case of scaffold geometries. This is mainly attributable to the combined
loading in compression and bending of the struts, which both ultimately have a direct
effect on the smeared Young’s modulus of the scaffold. Nevertheless, the investigations
on single struts give clear indications about the formation of the effect. Furthermore, the
analytical expressions show the direct influence of the thickness and Young’s modulus of
the degradation products.

5. Conclusions

In conclusion, our analytical and numerical modeling approach basically confirmed
earlier assumptions by Li et al. [2] that the increase in stiffness of corrosion product
layer-coated AM WE43 is indeed due to formation of a composite beam of base strut
and substrate layer. As shown in this discussion, even for low thicknesses and Young’s
moduli of the degradation product layer, axial stiffness increases of more than 40% can be
achieved. Even though the geometry of the scaffold is different at the investigations of Li
et al., this study clearly shows the influence on the stiffness. Nevertheless, our results must
be validated by further investigations on corroded single struts or equal, to validate the
formation of an almost homogeneous layer of degradation products and to obtain more
knowledge about the real composite Young’s modulus, or rather the Young’s modulus of
the compound of degradation products.
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Abstract: Although called stainless steels, austenitic steels are sensitive to localized corrosion,
namely pitting, crevice, and intergranular form. Seventeen grades of steel were tested for localized
corrosion. Steels were also tested in general corrosion and in galvanic couplings (steels–precious
alloys) used in watchmaking applications. The evaluations have been carried out in accordance with
the ASTM standards which specifically concern the forms of corrosion namely, general (B117-97,
salt fog test), pitting (G48-11, FeCl3), crevice (F746-87) and intergranular (A262-15, Strauss chemical
test and G108-94, Electrochemical potentiodynamic reactivation test). All tests revealed sensitivity to
corrosion. We have noticed that the transverse face is clearly more sensitive than the longitudinal
face, in the direction of rolling process. The same conclusion has been drawn from the tests of
nickel release. It should be pointed out that, despite the fact that the grade of steel is in conformity
with the classification standards, the behavior is very different from one manufacturer to another,
due to parameters dependent on the production process, such as casting volume, alloying additions,
and deoxidizing agents. The quantities of nickel released are related to the operations involved in the
manufacturing process. Heat treatments reduce the quantities of nickel released. The surface state
has little influence on the release. The hardening procedures increase the quantities of nickel released.
The quantities of released nickel are influenced by the inclusionary state and the existence of the
secondary phases in the steel structure. Another aspect is related to the strong dispersion of results
concerning nickel release and corrosion behavior of raw materials.

Keywords: austenitic steels; general (uniform) corrosion; pitting corrosion; crevice corrosion; intergranular
corrosion; galvanic couplings; nickel release; contact with skin; medical devices; watchmaking

1. Introduction

Corrosion represents an important factor in the design and selection of metals and alloys for
different purposes, as various corrosion mechanisms can lead to failure [1,2]. Corrosion resistance is an
important criterion for selecting materials used, because the cost of their degradation due to corrosion
and the associated environmental impact are quite substantial [3]. Like all metals, stainless steels can
undergo chemical corrosion over time [4–6].

Corrosion manifests in different forms and depends on a multitude of physico-chemical factors
(chemical composition and microstructure of the alloy, temperature, pH, chemical composition of the
environment) and mechanical factors (stresses, friction) [7]. The relationship between corrosion rate
and grain size has been revealed in numerous studies [8–11]. Its importance lies in the fact that this
parameter can be tailored by the producers [8–11].

The austenitic steels belong to the stainless steels family and are being characterized by high
Nieq and Creq [12,13]. Over time, the chemical composition, mechanical properties, resistance to
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corrosion, machinability and polish ability of the austenitic steels have evolved considerably, and new
production processes have been developed by the steel manufacturers [14]. Each chemical element
in their composition plays an important role in their properties [15], including corrosion resistance,
and can be substantially modified by adding certain elements as Cu, Ti, Nb, Al, Si and Ca. Generally,
the composition of austenitic stainless steels is adjusted to meet service requirements in various
corrosive environments [8]. The corrosion sensitivity of austenitic steels mainly takes the form of
pitting, crevice and intergranular type [16].

An important aspect which concerns the austenitic steels is the release of nickel in contact with the
skin. The role of nickel in the biological response to alloys is significant with regard to toxicology and
biological performance. The current trend is to eliminate nickel from alloys for medical applications.
However, this needs a careful evaluation since no compromise is acceptable concerning the mechanical
properties, corrosion resistance or any other possible undesirable consequences due to the substitution
of nickel [7,17].

Nickel allergy is the most widespread of all contact allergies. In the European population,
the prevalence of nickel allergy is of 10%–15% of adult females and 1%–3% of adult males [18–22].
Of nickel-sensitive people in the general population, 30% develop hand eczema. Teenagers and young
adults tend to have a higher prevalence due to frequent body piercing.

In Europe, for objects containing nickel, intended for permanent contact with skin, Directive
94/27/EC imposed a ban if the rate of nickel release exceeds 0.5 μg/cm2·week. The subsequent Directive
2004/96/EC: “Piercing in the Human Body” specifies that the limit rate of nickel release, for these cases,
is 0.2 μg/cm2·week [23–25].

The aim of this study is to evaluate the sensitivity, under the same conditions, of 17 austenitic
steels of the 304, 316 and 904 series, for uniform, pitting, crevice and galvanic corrosion. Our interest
was also to assess the behavior differences of the transverse surface of the samples compared to the
longitudinal one.

2. Materials and Methods

Table 1 shows the composition of the austenitic stainless steels (exception #16 and #17) which
were used to prepare the samples for the corrosion evaluation tests.

Table 1. Chemical composition (wt.%) of the grades of austenitic steels used in corrosion tests.

Code DIN AISI C Si Mn P S Cr Mo Ni Other

#1 1.4306 304L <0.03 <1.5 <1.5 <0.035 <0.02 17.0–20.0 - 8.0–12.0 N 0.1–0.2
#2 1.4427So - <0.03 <1.0 <2.0 <0.045 0.10–0.13 16.5–18.5 2.0–2.7 - -
#3 1.4435 316L <0.03 <1.0 <2.0 <0.045 <0.025 17.0–18.5 2.5–3.0 12.5–15.0 -
#4 1.4435 316LUgim <0.03 <1.0 <2.0 <0.045 ~0.018 17.0–18.5 2.5–3.0 12.5–15.0 N < 0.11
#5 1.4435 316LVal <0.03 <1.0 <2.0 <0.045 ~0.018 17.0–18.5 2.5–3.0 12.5–15.0 N < 0.11
#6 1.4435 316LPM <0.03 <1.0 <2.0 <0.045 ~0.018 17.0–18.5 2.5–3.0 12.5–15.0 N < 0.11
#7 1.4435 316LSW <0.03 <1.0 <2.0 <0.045 ~0.018 17.0–18.5 2.5–3.0 12.5–15.0 N < 0.11

#8 1.4441 316LMed <0.03 <1.0 <2.0 <0.025 <0.01 17.0–0.19 2.5–3.2 13.0–15.5 N < 0.10
Cu < 0.12

#9 1.4571 316Ti <0.08 <1.0 <2.0 <0.045 <0.03 16.5–18.5 2.0–2.5 - -

#10 1.4539 904L <0.02 <0.7 <2.0 <0.03 <0.015 19.0–21.0 4.0–5.0 24.0–26.0 Cu 1.0–2.0;
N 0.04–0.15

#11 1.4057 431 0.14–0.23 <1.0 <1.0 <0.045 <0.03 15.5–17.5 - 1.5–2.5 -
#12 1.4460 329 <0.05 <1.0 <2.0 <0.045 <0.03 25.0–28.0 1.3–2.0 4.5–6.5 N 0.05–0.2
#13 1.4462 2205 <0.03 <1.0 <2.0 - <0.02 21.0–23.0 2.5–3.5 4.5–6.5 N 0.08–0.2
#14 1.4542 630 <0.07 <1.0 <1.0 <0.045 <0.03 15.0–17.0 - 3.0–5.0 Nb 0.15–0.45
#15 1.4841 310/314 <0.20 1.5–2.5 <2.0 <0.045 <0.03 24.0–26.0 - 19.0–22.0 -
#16 1.4876 B 163 <0.12 <1.0 <2.0 <0.03 <0.02 19.0–23.0 - 30.0–34.0 -

#17 2.4816 Inconel600 <0.15 <0.5 <1.0 <0.02 <0.015 14.0–17.0 - >72.0

Ti < 0.3;
Al < 0.3;
B <0.006;
Cu <0.5;

Fe 6.00–10.0
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According to the classification of Fontana [26], the evaluation of their behavior in uniform, pitting,
crevice, intergranular corrosion was presented, as well as in galvanic couplings.

2.1. Salt Fog Test

To illustrate uniform corrosion, four austenitic steels—#2-1.4427, #3-1.4435/316L, #4-316L/1.4435Ugim
and #5-1.4435/316LVal—were tested by using the salt fog test, according to ASTM B117-97 [27].

The samples were of cylindrical shape—10 mm diameter, 5 cm long. To create a reference state,
as-received samples were first annealed and recrystallized at 1050 ◦C. The thermal treatment was
carried out in a continuous industrial oven under hydrogen protection with gas cooling.

Half of the annealed cylinders were cold-worked to diameter 7.7 mm. The purpose of this
cold-working operation was to increase the samples’ sensitivity to corrosion [28,29]. The entire surface
of the samples was “mirror” polished. The test was carried out over a period of 12 days, 6 days in
5% NaCl medium and 6 days in artificial sweat medium diluted 40 times (Table 2). Artificial sweat
medium ISO 3160-2 has the following composition: NaCl 0.5 g/L; NH4Cl 0.4375 g/L; Acetic Acid
0.063 g/L; Urea 0.125 g/L; Lactic Acid 0.375 g/L; NaOH solid, necessary quantity to induce a pH of 4.7.

The test in question was an adaptation of the ASTM B117-97 standard [27] which is in current
use for metallic objects in contact with the skin (ISO 3160-2). Three samples were used for each state,
making a total of 48 samples.

Table 2. The salt fog test conditions.

Test Conditions

Electrolyte � NaCl
� Artificial sweat

Temperature 35 ◦C
Total duration 12 days

NaCl 5% 6 days

Artificial sweat
Dilution x40 6 days

Operating cycle
salt spraying
exposing

� 15 min
� 45 min

2.2. Pitting Corrosion

Steels #1–#17 (Table 1) were tested for pitting corrosion. The test samples, in the form of wires,
10 mm diameter, 5 cm long, were fixed in a resin and “mirror” polished.

The tests were carried out in the most commonly used electrolytes: FeCl3 and NaCl, and artificial
sweat, according to ISO 3160-2:2015 [30]. The different electrolytes were used to verify the observations.
The chemical compositions of the media used and the experimental conditions are presented in Table 3.

Table 3. Types of electrolytes used and the experimental conditions for testing pitting corrosion [31–33].

Test Medium Concentration Temperature Test Duration

FeCl3 0.5 M 50 ◦C 2 h

FeCl3 0.1 M 37 ◦C 15 days

NaCl 0.5 M 37 ◦C 26 days

Artificial sweat
ISO 3160-2
Diluted 20x

NaCl 0.5 g/L; NH4Cl 0.4375 g/L;
Acetic Acid 0.063 g/L; Urea 0.125 g/L;
Lactic Acid 0.375 g/L; NaOH solid,
necessary quantity to induce a pH of 4.7

37 ◦C 30 days
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The immersion times were therefore different: 15 days for FeCl3 0.1 M, 26 days for NaCl 0.5 M and
30 days for artificial sweat (Table 3), because of the difference in aggressiveness of the media (chemical
composition, concentration) towards the evaluated materials [34].

2.3. Crevice Corrosion

The crevice corrosion test was carried out according to ASTM F746-87 [35]. The samples,
of cylindrical shape—6.35 mm diameter, 5 cm long—obtained by machining of 10-mm-diameter
steel profiles, “mirror” polished, were embedded in a polytetrafluoroethylene (PTFE) collar at one of
the extremities (Figure 1). Both transverse and longitudinal surfaces were subjected to the corrosion test.

 

Figure 1. Specific assembly for the crevice corrosion test. Crevice corrosion aspect of the test sample.

The sample was mounted in the rotating electrode of the measuring cell (Figure 2).
The test consisted of two stages:

• In the first stage, anodic excitation of the sample to be evaluated was carried out at 800 mV vs.
SCE (saturated calomel electrode) for 10 s;

• In the second stage, the potentiost at imposed the abandon potential value for 15 min. As a result,
the current variation was plotted as a function of time for an imposed potential.

 

Figure 2. The electrochemical assembly and the electrochemical measuring cell.

If the current recorded stayed within the cathodic domain (negative values), a fresh measurement
cycle was started: excitation for 10 s at 800 mV and current measurement for a potential set at Eabandon

+25 mV (ASTM recommends +50 mV). The cycles were repeated, each time at a higher potential,
until the current measured moved into the anodic domain (positive values). As a result, the crevice
potential was determined, which corresponded to the last-but-one measurement for which the current
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was positive. Once the Teflon ring was removed, a groove of crevice corrosion was noted on the surface
of the metal sample.

2.4. Intergranular Corrosion

This type of corrosion occurs preferentially at grain boundaries and may be due to the presence
of precipitates.

For assessing the intergranular corrosion morphology, chemical and electrochemical tests may be
used. Two examples of evaluating intergranular corrosion susceptibility of austenitic steel tubes are
being presented:

– Chemical evaluation of tubes #3, 1.4435/316L used in medical devices and endoscopic applications;
– Electrochemical evaluation of tubes #1, 1.44306/304L used in medical devices and endoscopes

applications.

2.4.1. Chemical Tests

The standardized tests [36–38] to assess the sensitivity of stainless steel to intergranular corrosion,
according to ASTM A262-15 [36], have been summarized in Table 4.

Table 4. ASTM A262-15 [36] Standard practice for detecting susceptibility to intergranular attack in
austenitic stainless steels.

Designation Test Temperature
Testing
Time

Applicability
Evaluation

Method

Practice A Oxalic Acid Etch
Screening Test Ambient 1.5 min

Chromium
Carbide

sensitization only

Microscopic
Examination

B Ferric Sulfate and 50%
Sulfuric Acid Boiling 120 h Chromium

Carbide
Weight loss/

Corrosion Rate

C 65% Nitric Acid Boiling 4 h Chromium
Carbide

Weight loss/
Corrosion Rate

D

10% Nitric-3% Hydro
Fluoric Acid (This test

has been removed
from A 262-15)

70 ◦C 4 h
Chromium

carbide in 316,
316L, 317, 317L

Corrosion Rates of
“unknown” over
that of solution

annealed specimen

E
6% Copper Sulfate 16%

Sulfuric Acid with
metallic copper

Boiling 24 h Chromium
Carbide

Examination for
fissures after

bending

F
Copper Sulfate 50%
Sulfuric Acid with

metallic copper
Boiling 120 h

Chromium
Carbide in 316

and 316L

Weight loss/
Corrosion rate

Evaluation of intergranular corrosion according to standard ASTM A262-15-the Strauss test [36].
The test medium was a solution of copper sulphate-50% sulfuric acid in the presence of metallic

copper, brought to the boiling point (125 ◦C) for 120 h. This test investigated the intergranular corrosion
behavior of steel in the potential range between 110–350 mV. The test setup was in accordance with
ASTM A262-15 [36]. The samples to be tested, tubes of #3, 1.4435/316L steel, were placed in specific
glass cradle.

2.4.2. Electrochemical Tests

Electrochemical Potentiodynamic Reactivation (EPR) measurements, single or double loop,
are methods of examining and assessing the corrosion sensitivity of austenitic steels [37–47].

The ASTM G108-94 (2015) [48] was practiced with the single loop method. Using the single
loop test, a sample polished to a 1 μm finish, was polarized for two minutes at 200 mV vs. SCE in
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a solution of 0.5 M H2SO4 + 0.01 M KSCN. Subsequently, the potential was decreased, at a rate of
6 V/h, to the corrosion potential, Ecorr. This decrease resulted in reactivation of the specimen, involving
breakdown of the passive film covering chromium depleted areas of material. The area under the large
loop generated in the curve of potential vs. current (Figure 3) was proportional to the electric charge Q,
that depends on surface area and grain size. In non-sensitized material, the passive film was intact and
the loop size was small.

Figure 3. Procedures of single loop EPR test method according to ASTM G108–94 (2015) [48].

The samples tested were tubes of 304L AISI, used for manufacturing medical endoscopes (Table 5).
The tubes #Test 1 and #Test 2 were suspected to be sensitized in intergranular corrosion. For the
evaluation test, reference samples #Brut 1 and #Brut 2 and three samples from the supplier stock,
subjected to heat treatments at 500, 620 and 750 ◦C, respectively, were used (Table 5).

Table 5. Test samples #1, 14306/304L tubes.

Code Description

#Test 1 Tube returned from user
#Test 2 Tube returned from user
#Brut 1 Tube from supplier stock (reference)
#Brut 2 Tube from supplier stock (second reference)
#500 Tube from supplier stock+ 500 ◦C heat treatment, 1 h
#620 Tube from supplier stock+ 621 ◦C heat treatment, 1 h
#750 Tube from supplier stock+ 750 ◦C heat treatment, 1 h

The sample (Table 5), transversely cut, was incorporated into a resin and “mirror” polished.
The resin was machined to be adapted to the working electrode. The mounting of the electrodes,
the electrochemical cell and the EPR measurement conditions were those of ASTM G108-94 (2015) [48].
The ASTM G108-94 method allows a quantitative evaluation of the intergranular corrosion sensitization
of steels AISI 304 and AISI 304L. The purpose of the test was to evaluate the intergranular corrosion of
the transverse surface by an electrochemical scanning method from+200 mV to−400 mV vs. SCE. In the
mathematical calculation for evaluating the sensitivity to intergranular corrosion, another parameter,
the corresponding value of the grain index, has to be considered, according to ASTM E112-13 [49].

2.5. Galvanic Corrosion

In the first stage, to establish a galvanic series in artificial sweat the open circuit potentials of
eighteen alloys were measured:

Precious metal alloys used in jewelry: Pt 950CoNi (950‰Pt, 18‰Co, 32‰Ni), AuPdCu150
(750‰Au, 100‰Pd, 150‰Cu), AuAgNi109 (750‰Au, 141‰Ag, 109‰Ni), AuCuNi130 (750‰Au,
120‰Cu, 130‰Ni), AuNiCu142 (750‰Au, 108‰ Ni, 142‰Cu), AuNiCu112 (750‰Au, 138‰Ni,
112‰Cu) and AuCuZn374 (585‰Au 41‰Cu, 374‰Zn).
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Steels: 1.4441, 1.4435, 316 L F, 316 L F Cu, 1.4301, 1.4305, Sandvik 1802, 1.4104. 1.4105, 1.4539
and 12/12.

The samples, in form of 10-mm-diameter discs, were “mirror” polished, washed with a mixture of
acetone and ethanol, and rinsed with deionized water 18 MΩ·cm. After drying with hot air, the samples
were introduced into the PTFE sample holder, specially designed for the rotating electrode test.
The electrochemical measurements were made with a potentiostatic assembly of three electrodes:
a working electrode (rotating electrode), a platinum counter-electrode and a reference SCE electrode.
Given that diffusion phenomena play a major role with regard to the changes produced at the
metal/solution interface and consequently to the state and composition of the metal surfaces layers,
readings were made in a laminar system (criterion of Re = 3200) with a limit current iL = 56 mA, and a
rotational velocity of 300 rpm, to control the mass transfer phenomena. The open circuit potentials
(Eoc) were measured after 24 h of immersion.

In the second stage, our interest was focused on galvanic couplings in the assembly of steel watch
strap links with precious metal alloys (18K gold). The evaluation was indirectly made, by measuring
the quantities of nickel released after 7 days of immersion in artificial sweat, according to standard EN
1811-2011+A1:2015 [50]. The tests were carried out on 27 gold-steel links (Figure 4), 5N18 (18K gold
alloy)-1.4441 (316L) and 5N18 (18K alloy)-1.4539 (904L).

 
Figure 4. Link, steel-gold assembly with pins.

The microscopy investigations (scanning electron microscopy/energy-dispersive X-ray spectroscopy
SEM/EDX) were carried out using a JEOL JSM-6300 SEM (JEOL, Peabody, MA, USA) equipped with an
Oxford INCA EDS system (Oxford Instruments, Abingdon, UK) for local phase analysis.

3. Results and Discussion

3.1. Uniform Corrosion

After 12 days, the salt fog test revealed that here was a difference in the corrosion susceptibility of
transverse and longitudinal surfaces (Figure 5). In general, the transversal surfaces were corroded,
with the exception of steel #3, the intensity depending on the steel grade and the manufacturing process.
Samples #3, #4 and #5 were made of grade 316L, from three different steelmakers (Germany, France,
Italy). The longitudinal surfaces showed no signs of corrosion.
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Figure 5. Uniform corrosion salt fog test, according to ASTM B 117-97. Samples #2-1.4427 So,
#3-1.4435/316L, #4-316LUgim and #5-316L Val.

According to Zanotto et al., the test has limitations, it becomes non-discriminating in case of steels
with excellent corrosion resistance [51].

In case of steels #8, #10, #6 and #17, the test, carried out under the same experimental conditions,
showed no signs of corrosion of the transversal or longitudinal surfaces, similar to sample #3 (Figure 6).

Figure 6. Pitting test results of the transverse and longitudinal surfaces for various grades of steel
alloys (0.5 M FeCl3 test medium at 50◦ for 2 h).

The results obtained are presented in Table 6. In general, the transverse surfaces were corroded
with the exception of steel #3. Examination of steel #3 did not reveal any traces of corrosion either in
the cold-worked state.

Table 6. Observations after the salt fog test (samples tested in annealed, cold-worked state).

Code State T *-Face L **-Face

#2
Annealed Corrosion No corrosion

Cold worked Corrosion No corrosion

#3
Annealed No corrosion No corrosion

Cold worked No corrosion No corrosion

#4
Annealed Corrosion No corrosion

Cold worked Corrosion No corrosion

#5
Annealed Corrosion No corrosion

Cold worked Corrosion No corrosion

* T: transverse surface, ** L: longitudinal surface, with respect to the rolling direction.
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3.2. Pitting Corrosion

For the evaluation of steels sensitivity in pitting corrosion, available standards allow characterization
of the formation, the shapes and the density of pits per unit area [52]. For the establishment of Figures 6–9,
it was necessary to determine the density of pitting corrosion (counting the number of pits per unit area).

Figure 7. Pitting test results of the transverse and longitudinal surfaces for various grades of steels
(0.1 M FeCl3 test medium at 37 ◦C for 15 days).

Figure 8. Pitting test results of the transverse and longitudinal surfaces for various grades of steels
(0.5 M NaCl test medium at 37 ◦C for 26 days).

Figure 9. Pitting test results of the transverse and longitudinal surfaces for various grades of steels
(artificial sweat test medium at 37 ◦C for 30 days).
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In all test environments, the transverse surfaces showed a higher pitting density compared to the
longitudinal ones.

Using a Kontron KS 300 Version 1.2 image analysis program, the cross-sectional area of alloys
#1, #2, #3, #4, #5, #7, #8 and #10, tested in 0.5 M FeCl3 at 50 ◦C for 2 h was analyzed statistically in
relation to the area size of the pits. The following classes were established accordingly: <20, 20–50,
50–150, 150–500, 500–1000 and >1000 μm2. The densities (number of pits/cm2) according to the above
mentioned classes are presented in Figure 10.

The image analysis revealed a density of pits which can be significant (more than 10,000 for
sample #2, Figure 10). Under these conditions, it was necessary to define criteria which enable easier
identification of pitting corrosion. Examination of the surfaces revealed numerous cavities which were
not necessarily pitting.

Figure 10. Number of pits counted by class, according to the size of the pit surface area.

At this point, it is essential to clarify the definition of pitting corrosion. According to the ASTM,
a pitting corrosion is electrochemically active if an anodic dissolution of the alloy occurs within the
cavity. Thus, by definition, a pitting corrosion releases cations in the electrolyte. It is therefore sufficient
to carry out the corrosion test in an electrolyte containing traces of an analytical reagent which forms,
with one of the cations released by the active corrosion pits, an insoluble colored compound which will
deposit near the pit. The common element for all the alloys in question is iron, the iron dissolution
mechanism being based on ferrous ions (Fe2+). Tests carried out on several reagents showed that
potassium ferricyanide (K3[Fe (CN6]) is suitable to form an insoluble colored complex. Corrosion pits,
revealed as blue discs encircling the pits (Figure 11), were used to determine the number per unit area.

μ

Figure 11. Corrosion pits revealed as blue discs (cross section sample #2).

In conclusion, the FeCl3 solution, according to the ASTM G48-11 [31] standard, was aggressive
with respect to the pitting corrosion behavior of the alloys studied; within two hours, most steel
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grades show readily identifiable macroscopic corrosion pits. On the other hand, in case of NaCl
0.5 M or artificial sweat ISO 3160-2 [30], the evaluation of the pits density was problematic given the
difficulty of identifying the effectively electrochemically active pits. The use of potassium ferricyanide,
which precipitates in the form of Turnbull blue in the presence of Fe2+ ions, greatly facilitated the
evaluation of the density of pits after immersion in this type of electrolyte.

According to Blackwood [2], pitting corrosion was a common problem with the early 304 stainless
steels. In the case of 316L stainless steels, the addition of 2–3 wt% Mo has greatly reduced the number
of failures due to pitting corrosion [2].

After initiation, pits either keep growing or repassivation may occur. According to Virtanen,
an alloy with a high pitting corrosion resistance should ideally combine low susceptibility to pit
initiation, low pit propagation rate, and fast repassivation [53]. According to Melchers, in case of metals
with electron-conducting passive films such as stainless steels, the number of pits usually correlates
inversely with their average depth, since the cathodic current consumed by the large passive surface
area fosters anodic dissolution inside the pits [54]. The pits may grow at different rates, depending on
the number of active pits [54]. According to Abbasi Aghuy et al., changes in electrochemical behavior of
metal due to grain refinement as a consequence of changing grain boundary densities may occur [55].

3.3. Crevice Corrosion

Figure 12 shows the “variations of the current” curves as a function of time, for values of imposed
potential, for the longitudinal surface of samples #8 and #10, respectively. The crevice potentials were
+150 mV (red points) for sample #8 and +350 mV (red points) for sample #10.

(a) (b) 

Figure 12. The crevice test potentiostatic curves for the longitudinal surface of sample #8 (a) and #10 (b).

Figure 13 shows the values of the crevice potentials determined for both longitudinal and
transverse surfaces, according to ASTM F746-87 standard [35].

Figure 13. Crevice potential values measured for the transverse and longitudinal surfaces of the steels
considered (L: longitudinal, T: transverse).
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The values of the crevice potentials measured did not reveal any difference in susceptibility to
crevice corrosion between the two surfaces. The only difference was that the transverse surface showed
lower values than the longitudinal surface, but these differences remained in the field of experimental
errors. In other words, there was no significant difference in the crevice corrosion behavior between
the two surfaces.

In case of 316L steels (#2, #3, #4, #6, #8, and #9), the values of the crevice potentials were different,
due to the structure type of inclusions and composition in minor chemical elements.

The study of Poyetet et al., involving 18-10 type stainless steels [56], has concluded that the
reactivity of the inclusions, in terms of their contribution to the onset of pitting, is a function of their
association (Table 7).

Table 7. Types and reactivity of inclusions according to [56].

Inclusion Types and Associations
Number Rating: #Pitted/#Total

of Inclusions
Shape Rating: #Pitted/#Total

of Inclusions

Sulfide
Sulfide-silicate

Silicate

2/32 = 6%
22/81 = 27%

0/5 = 0%

Globular 3/20 = 15%
Elongated 19/61 = 31%

Sulfide
Sulfide-alumina

Alumina

1/33 = 3%
9/87 = 10%

-

Globular 1/33 = 3%
Elongated 8/54 = 15%

Mg-oxide
Mg-oxide-sulfide 100% (rare inclusions)

Mixed oxide-sulfide or silicate-sulfide inclusions are the most susceptible to pitting. The corrosion
susceptibility of inclusions might be ranked, in increasing order: sulfides < alumina-sulfides <
silicate-sulfides <Mg-oxide-sulfides. By themselves, sulfides do not have a particularly detrimental
action on the pitting corrosion resistance of steel, but they become particularly harmful when associated
in the form of mixed inclusions. As far as shape is concerned, globular inclusions (present only in the
as-cast, undeformed material) seem to be less harmful than inclusions deformed during hot working
of the metal [56].

When considering the final values of currents recorded after 15 min for each level and representing
the current as a function of potential, a series of “polarization curves”, specific to the crevice corrosion
process were obtained (Figure 14).

  
(a) (b) 

Figure 14. Polarization curves (current value recorded after 15 min vs. preselected potential;
(a) transverse and (b) longitudinal surface.

When comparing the crevice corrosion behavior of the two surfaces, no real difference in
susceptibility to corrosion was noticed. On the other hand, in accordance to Bryant et al. [57], each steel
has a different behavior to crevice corrosion. Some steels do not reveal a “passivation capacity” before
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reaching the value of crevice initiation potential. In case of 316L, respectively #2, #3, #4, #6 and #8 this
difference was noticed. According to Liu et al., in case of 316L stainless steel, widely used as a metallic
biomaterial, crevice corrosion has been a serious concern [58]. In case of #10, a difference was expected,
due to the better corrosion resistance compared to the 316L family.

In conclusion, the evaluation of the crevice corrosion resistance did not reveal marked differences
between the behavior of the transverse surface compared to the longitudinal one. This shows that the
pitting and crevice corrosion mechanisms, although having some similarities, are different. In case
of certain grades of steel, particularly sensitive to crevice corrosion, sometimes crevice corrosion can
interfere with pitting corrosion measurements. Figure 15 shows a situation where crevice corrosion
strongly interfered during the measurement of pitting corrosion by the rotating electrode technique.
The crevice corrosion developed under a defective collar, making the measurements unusable for
the characterization of pitting corrosion. Sometimes, the observation of the corrosion morphology
provides information on the metallographic structure of the alloy. The morphology of crevice corrosion
on the transverse surface (Figure 15) showed a particular structure, the orientation of the corroded
structures suggesting a preferential longitudinal dissolution. This reveals a manifestation of a higher
corrosion sensitivity of the transverse direction compared to longitudinal direction.

  

Figure 15. Scanning electron microscopy (SEM) of the transverse surface, corroded under a defective
PTFE collar. The columnar morphology suggests preferential longitudinal dissolution due to the texture
of the material.

3.4. Intergranular Corrosion

3.4.1. Chemical Tests

After completing the test, the examination of the interior of the tube showed corrosion signs.
In case of each sample, a mass loss of about 40 mg/cm2 was determined (Table 8). An optical or
scanning electron microscopy (SEM) examination was also carried out, for each sample (Figure 16).
The metallographic section from the external part of the corroded tube had a structurally disturbed
surface area to a depth of about 70 μm (Figure 17).

μ

 

Figure 16. The interior of a corroded tube (#3, 1.4435/316L steel).
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μ

 

Figure 17. Metallographic section of the tube (#3, 1.4435/316L steel) after Strauss’s test.

Table 8. Tube mass loss after Strauss test.

Material Mass Loss (g) Surface (cm2) Mass Loss (mg/cm2)

Tubes
1.4435/316 L

0.31651 7.38 43
0.32816 7.80 42
0.28091 7.02 40
0.22120 5.84 38
0.05145 6.04 9

The Strauss test clearly and unequivocally showed that the 316L steel tubes were sensitized to
intergranular corrosion. The corrosion rate was higher on the interior compared to the exterior.

The energy-dispersive X-ray spectroscopy (EDX) analysis of the corroded areas showed the
presence of elements which did not belong to the alloy: sulfur, chlorine, calcium, sodium, aluminum
and potassium. These elements most likely resulted from lubricants formulated as additives or base oil.
The sensitization to intergranular corrosion was probably due to the pyrolysis of residual oil present
on the tube surface—in other words, poor cleaning during the manufacturing process.

3.4.2. Electrochemical Tests: EPR Method ASTM G108–94 (2015)

Electrochemical Tests were carried out according to the EPR Method ASTM G108–94 (2015) [48].
The grain index was determined according to the ASTM E112-13 method [49] (Figures 18 and 19).

  

(a) (b) 

Figure 18. (a)#Test 1 and (b) #Test 2. Grain index (ASTM E112-13) G = 11.
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Figure 19. #Brut 1. Grain index (ASTM E112-13) G = 11.

Grain index values are given in Table 9.

Table 9. Grain index according to ASTM E112-13 [49].

Code Grain Index

#Test 1 11
#Test 2 11
#Brut 1 11

According to the EPR method ASTM G108-94 (2015) [48], after the cyclic polarization scans,
the evaluation parameter is the normalized charge (Pa), measured in coulombs/cm2, calculated with
the formula:

Pa = Q/X (1)

where Q =measured on current integration measuring instrument (coulombs), normalized for both
specimen size and grain size X = As[5.1 × 10−3e0.35G], where As = specimen area (cm2), G = grain index
at 100× according to ASTM E112-13 [49].

In the derivation of the equation, it was assumed that the Q value was the result of the attack
on the specimen surface that was distributed uniformly over the entire grain boundary region of a
constant width of 2 × (5 × 10−5) cm. This may not represent the actual physical processes.

The potentiokinetic electrochemical reactivation results are presented in Table 10.

Table 10. Potentiokinetic electrochemical reactivation results.

Code Eoc (mV) Ir (mA/cm2) Q (C/cm2) Pa(C/cm2)

#Test 1 −400 8.21 4.96 20.67
#Test 2 −423 12.92 4.01 16.70
#Brut 1 −387 11.84 0.28 1.15
#Brut 2 −410 8.21 0.33 1.37
#500_1 −410 30.70 1.33 5.54
#500_2 −388 59.22 1.94 8.10
#620_1 −404 173.30 8.17 34.04
#620_2 −410 132.60 8.07 33.63
#620_3 −395 162.20 9.94 41.42
#750_1 −407 34.22 2.14 8.90
#750_2 −407 59.22 4.01 16.70

Eoc = Initial open circuit potential, Ir =maximum anodic current density.

Figure 20 shows the potentio kinetic reactivation curves in linear axes.
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Figure 20. Potentio kinetic reactivation curves recorded for #Brut 1, #Test 1, #500_1, #620_2, and #750_2.

The peak valuesfor Ir, given in Table 10, were specific to the intergranular corrosion degradation
of the tubes. The higher the intensity, the greater the degradation. Thus, according to Figure 20,
it was noted that the highest sensitization of the tubes was generated by the heat treatment at 620 ◦C.
The minimum sensitization corresponded to the 500 ◦C heat treatment. The overall results (Table 10) for
the normalized charge (Pa) calculated (Figure 21) for all the samples indicated that the heat treatment
over 500 ◦C for 304 steels is not indicated, the risks of inducing an intergranular corrosion process
being obvious. Consequently, the 500 ◦C heat treatment should be used in the manufacturing process.

 

Figure 21. Normalized charge (Pa) measured by EPR.

Type 304 steel was more sensitive to intergranular corrosion compared to other steels. Consequently,
in the manufacturing process, great importance must be given to this type of corrosion morphology.
The temperature of 620 ◦C was critical for generating the process and therefore used in the ASTM tests
(A262-15 and G108-94) for evaluating intergranular corrosion. The goal is to near the behavior of the
tube in raw state (#Brut 1).

The susceptibility to intergranular corrosion of stainless steels is not always due to heat treatment
with precipitation of chromium carbides. Under certain conditions, the precipitation of intermetallic
compounds of (Fe, Cr)Mo2 or (Cr, Ni, Fe)3P2 type can occur. According to Stonawská et al., the structural
sensitization of 316 L steel is due to the precipitation of secondary phases along the grain boundaries [59].
The studies of Liu et al. regarding 316 L steels [60] and Fujii et al. [61] regarding 304 steel, also supports
this statement. According to Liu et al. [62], the chromium-depleted zones near grain boundaries
represent the corrosion nucleation sites for austenitic steels. According to Eliaz, since the carbon content
in 316 stainless steel was lowered in the 316L and 316LVM grades, sensitization of this steel is less
problematic as it used to be [7].

3.5. Galvanic Corrosion

Table 11 presents the corrosion potentials measured in artificial sweat (EN 1811-2011+A1:2015) [50]
for the precious alloys and austenitic steels. The measured potential values enable to establish a relative
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comparison of the alloys nobility in the considered medium and to construct a galvanic series.
Higher potential values mean higher corrosion resistance. The alloys series with higher negative
potentials (anodic) generally tend to undergo greater corrosion in the event of a galvanic coupling,
while other metals (cathodic) will generally undergo a reduced attack. According to Mansfeld and
Kenkel, the corrosion potential of each alloy is a criterion in the analysis of galvanic corrosion behavior,
but it is still insufficient. The electrical potential values can only indicate a trend and state absolutely
nothing about the rate of corrosion and the type of control of the galvanic cell (mixed, cathodic or
anodic) [63,64].

Table 11. Galvanic series established in an EN1811-2011+A1:2015 artificial sweat type environment.

A Precious Alloys
Corrosion Potential Ecorr

(mV)
B Steels

Corrosion Potential Ecorr

(mV)

952 Pt 950CoNi 175 316L series 1.4441 −21
150 AuPdCu150 70 - 1.4435 −160
109 AuAgNi109 53 - 316L F −164
141 AuCuNi130 43 - 316L F Cu −282
142 AuNiCu142 42 304 series 1.4301 −169
112 AuNiCu112 22 303 series 1.4305 −266
374 AuCuZn374 6.4 - Sandvik 1802 −168

- - - - 1.4104 −234
- - - - 1.4105 −389
- - - 904L series 1.4539 −72
- - - 12/12 −163

The most frequent cases we encountered are precious metal-austenitic steel assemblies in watch
straps. Thus millions of gold-steel links are produced to assemble straps, this is the ideal case for the
formation of a galvanic cell, a significant difference in electrical potential being involved. In the case of
gold-steel, a difference in electrical potential of around 300 mV can be calculated.

According to Gilbert and Mali, while corrosion per se may not be of great concern, when combined
with mechanical effects, restricted crevice-like geometries or any combination thereof, considerably
amplified corrosion rates might arise [65].

One of the several available techniques to realize the gold-steel assembly is brazed gold caps.
The brazed gold caps reveal a particularity due to brazing. The solder acts as the anode (a small area)
and the steel and gold parts are the cathode (large area). Thus, the corrosion process results in the
dissolution of the solder (Figures 22 and 23). In such a type of assembly it is particularly important to
make the right choice of solder.

 

Figure 22. Galvanic corrosion in a gold-steel assembly.
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Figure 23. Corrosion of the transverse surface, at the level of the gold-steel interface.

Two aspects of great importance have to be considered:

(a) The cathode–anode relationship. The precious metal surfaces will act as the cathode, and the
less noble parts will be the anode. Constructions with large cathode surfaces and small anode
surfaces are very dangerous. The galvanic cell will output a strong anodic current which will
lead to the rapid degradation of the anodic part by mechanisms of crevice or pitting corrosion;

(b) The nickel release in contact with the skin has to be considered as the current legislation tolerates
an amount of 0.5 μg/cm2·week.

Table 12 presents a series of tests carried out on the same types of gold-stainless steel links.
The 14441/316 LM steel originated from five different steelmakers from the EU, USA, Japan and China.

Table 12. Tests results for gold-stainless steel links.

# Gold Steel Nickel Release (μg·cm−2·Week−1) Corroded Parts Rate Corrosion Rate (%)

#1 5N18 1.4441 0.14 0/6 0%

316LM

0.25
0.13
0.04
0.22
0.03

#2 5N18 1.4441 0.44 2/6 33%

316LM
0.05
0.01
0.10

#4 5N18 1.4441 0.03 6/9 67%

316LM
0.06
0.09

#5 5N18 1.4441 0.09 0/3 0%

316LM
0.08 - -
0.06

#6 5N18 1.4539 2.3 0/3 0%

904L
2.6
2.2

In case of #6 (gold-steel 904L), the nickel release was greater than 2 μg·cm−2·week−1, despite
the absence of visible corrosion. This was due to a different behavior compared to a medical 316L
steel. The comparison of the EDX profile between a gold-904L steel (Figure 24) and a gold-316LM
steel (Figure 25) revealed a very different nickel profile with the disappearance of the nickel peak in
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the gold-904L steel solder (Figure 24). In the gold-904L system, the solder was in the anodic position
(gold and 904L steel being cathodic), with a very unfavorable surface report. It revealed a selective
corrosion morphology powered by a galvanic battery; this would explain the significant nickel release
from the gold-904L steel coupling, despite the absence of visible corrosion.

  

(a) (b) 

Figure 24. Sample #6. (a) EDX profiles of the gold-904 L steel solder for iron, nickel, silver, gold, copper
and zinc; (b) EDX Ni profile.

(a) (b) 

Figure 25. Sample #4. (a) EDX profiles of the gold-316 LM steel solder for iron, nickel, silver, gold,
copper and zinc; (b) EDX Ni profile.

SEM examination of sample #4 (5N18) showed that the corrosion was localized and did not
develop at the level of the steel, but of the brazing, causing its dissolution (Figure 26). This demonstrates
that the solder represents the weak point of the gold-steel assembly.

The steels which are being used for watch straps are of grades 316 and 904L. The other steel
grades, such as 304, 304L, 316LS, and 316Ti, are not usable; their rate of Ni release does not respect
the limits imposed by the EU directives, or other countries legislations (USA, Japan, China, Korea,
Canada). The difficulty consists in eliminating the corrosion process and achieving a rate of nickel
release which respects the legislation: max 0.5 μg·cm−2·week−1.

The use of a Ni-Cr-P solder involves the risk of increasing the nickel amounts by chemical
dissolution or corrosion of the solder. In the case of a gold base solder (melting range 750–850 ◦C) the
risk is to initiate corrosion in the steel; with a Ni-Cr-P based solder (melting range 800–950 ◦C) the risk
is to start corrosion in the solder. To find the best compromise, testing the link assemblies is necessary.
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Because the quality of 316 LM steel is highly dependent on the supplier, most straps manufacturers
use steels they have exclusivity for.

Figure 26. SEM examination of sample #4.

3.6. Nickel Release in Relation with the Manufacturing Process

In our laboratories, a large number of nickel extraction tests in compliance with EN
1811-2011+A1:2015 standard [50] were carried out on the 316 L grades manufactured by five different
steelmakers from EU, Japan and USA. There was a significant difference in the quantities of Ni released,
compared to the chemical composition of steels, which depends on the steelmaker. The conclusions
are presented in Figure 27. It should be pointed out that despite the fact that the grade of steel
is in conformity with the classification standards, their behavior was markedly different from one
manufacturer to another, due to production parameters, such as the casting volume, alloying additions,
and deoxidizing agents.

 

 

Figure 27. Factors influencing the amounts of nickel released during the manufacturing process.

The heat treatments resulted in a reduction of the nickel release rates. The surface state had little
influence. On the other hand, the hardening processes strongly influenced the quantities of nickel
released. The increase in hardness greatly decreased the corrosion resistance and increased the amount
of nickel released. Another factor which strongly influenced the quantities of nickel released was
the inclusion state and the existence of secondary phases in the structure of steels. Being aware of
these causes, subcontractors demand from the steelmakers a very strict specification respecting in the
manufacturing of steels.
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4. Conclusions

Seventeen grades of stainless steels were assessed for specific types of corrosion: general, pitting,
crevice, intergranular and galvanic. It was noted that there are significant differences between the
grades of the austenitic steels studied.

The conclusions are as follows:

– The intensity of the corrosion was dependent on the production parameters, such as the casting
volume, alloying additions, and deoxidizing agents;

– The amount of nickel release was dependent on the heat treatment, hardening rate, and other
parameters of the manufacturing process;

– The quantity of nickel released is strongly influenced by the inclusion state and the existence of
secondary phases;

– There is a clear difference of corrosion between the transverse surface and the longitudinal surface.
The longitudinal surface (in the rolling direction) reveals a better resistance to corrosion than the
transverse surface.

– The quantities of nickel released are highly dependent on the grade of steel. As a result,
manufacturers can use only steels that meet the current legislative requirements;

– Top range watches manufacturers use steels with exclusivity labels, so the chemical compositions,
structures, inclusive states, mechanical properties, machinability, polishing are very well defined
in their specifications. The rule also applies to medical devices manufacturers;

– Finally, a compromise in choosing a steel over another has to be made, depending on the
application and the legal requirements for the final products on a specific market.
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Abstract: This study investigated the effect of Cr alloying element on the corrosion properties of
automotive carbon steel (0.1C, 0.5Si, 2.5Mn, Fe Bal., composition given in wt.%) in aqueous and
atmospheric conditions using electrochemical measurement and cyclic corrosion tests. Three steels
with 0, 0.3, and 0.5 wt.% Cr were studied by electrochemical impedance spectroscopy. Polarization
resistance (Rp) of 0.3 Cr and 0.5 Cr steels was higher than that of 0 Cr steel, and the Rp also increased
as the Cr content increased. Therefore, Cr increases the corrosion resistance of automotive carbon
steel immersed in a chloride ion (Cl−)-containing aqueous solution. In the cyclic corrosion test results,
Cl− was concentrated at the metal/rust interface in all of the steels regardless of Cr content. The
Cl− was uniformly concentrated and distributed on the 0 Cr steel, but locally and non-uniformly
concentrated on the Cr-added steels. The inner rust layer consisted of β-FeOOH containing Cl− and
Cr-goethite, while the outer rust layer was composed of amorphous iron oxyhydroxide mixed with
various types of rust. FeCl2 and CrCl3 are formed from the Cl− nest developed in the early stage,
and the pitting at CrCl3-formed regions are locally accelerated because Cr is strongly hydrolyzed to a
very low pH.

Keywords: automotive steel; atmospheric corrosion; electrochemical impedance spectroscopy; cyclic
corrosion test; iron oxide

1. Introduction

Steel sheets for automobiles are exposed to various corrosive environments due to
climate change. In particular, the increased inundation from heavy rain and the use of salt
for snow removal accelerate the corrosion of the automobile steel sheet, which leads to
the deterioration of the durability and the collision safety of the vehicle [1]. Furthermore,
with the recent rapid development of industry, these corrosive environments are becoming
more and more severe. Therefore, it is essential to evaluate the corrosion life of the steel
for predicting the durability of automobile parts. Currently, corrosion life is most often
evaluated by the salt spray test (SST) and cyclic corrosion test (CCT). The accelerated CCT
method for simulating an actual environment is used by many automakers. When an
automotive carbon steel (ACS) sheet is evaluated through a CCT, atmospheric corrosion
occurs on the test specimen and is greatly affected by environmental factors such as the
type of material, humidity, time of wetness (TOW), and temperature [2]. For example, in
the case of Cu and Ag, the corrosion rate is most affected by sulfides such as H2S and
SO2 in the air, whereas in the case of Fe, acid fumes and fine dust are known to be more
important. Furthermore, in coastal cities, the corrosion rate changes depending on the
chloride concentration in the air. When the salt particles in the air are adsorbed on the
metal surface, water may be condensed on the surface even if the relative humidity is low,
which facilitates the formation of a water film [3]. As the TOW lengthens, the corrosion
rate increases.
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Generally, weathering steel is widely used to prevent atmospheric corrosion and
contains alloying elements such as Cr, Cu, and Ni. Particularly, Cr is known as an element
that improves the corrosion resistance of low alloy steel in various corrosive environments.
When the weathering steel is exposed to a corrosive environment, Fe oxides (porous rust
layer) are initially formed under attack from oxygen, similarly to common steel. However,
over time, a dense rust layer (protective rust) is formed on the steel surface. This rust
layer protects the steel surface, inhibiting corrosion and reducing corrosion rates compared
to common steel. In common steel, the oxide rust layer penetrates into the substrate,
and corrosion of the substrate continues, while in weathering steel, the amorphous layer
enriched with Cu, Cr, and Ni inhibits further corrosion progress. Weathering steel forms
a thin rust layer with FeOOH as the main component on the steel surface in the early
stages. Then, a Cr-enriched layer (Cr-goethite) with very small particles containing Cr is
formed on the steel surface [4,5]. The Cr-goethite layer has cation selectivity, preventing
the penetration of corrosion substances such as SO4

2− and Cl− from the outside [6–8].
However, unlike these positive effects, negative effects have also been reported. According
to Park et al. [9], in the flue gas desulfurization environment, Cr induces localized corrosion
when Cr and Cu are added together in low-carbon steel because Cr segregates into the
grain boundary, forming a Cr depletion region.

As described above, many research endeavors have been undertaken with respect to
Cr’s effect on the corrosion of metallic materials; however, only a few studies on the effect of
Cr on the corrosion of ACS have been conducted. In this study, the effect of the Cr alloying
element on the aqueous corrosion and atmospheric corrosion of ACS was investigated.
The aqueous corrosion properties were analyzed using electrochemical measurements in a
chloride (Cl−)-containing solution, and atmospheric corrosion properties were analyzed
via a CCT.

2. Materials and Methods

The specimens used in the electrochemical test and CCT were ACS containing 0, 0.3,
and 0.5 wt.% Cr (produced by POSCO, Gwangyang, Korea), as described in Table 1. The
microstructure images of the specimens are shown in Figure 1. In Figure 1, all the steels are
composed of ferrite and martensite phases. Most martensite was formed along the grain
boundary, with a small amount present inside the ferrite matrix. There is no noticeable
difference in the three steels except for the grain size. The higher the Cr content, the bigger
the grain size.

Table 1. Chemical compositions of the specimens (unit: wt.%).

Steels Cr C Si Mn Fe

0 Cr 0.01 0.10 0.52 2.49 Bal.
0.3 Cr 0.32 0.10 0.52 2.49 Bal.
0.5 Cr 0.50 0.10 0.52 2.49 Bal.

   

Figure 1. SEM images of the microstructure of (a) 0 Cr, (b) 0.3 Cr, and (c) 0.5 Cr, etched with 2% nital solution.
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The specimens were cut to a size of 1.5 cm × 1.5 cm, polished with 600-grit SiC paper,
and cleaned with distilled water. Additionally, the solution for electrochemical measure-
ments was 3.5 wt.% NaCl. All of the electrochemical measurements were conducted in
a 3-electrode electrochemical cell. The test specimen was used as the working electrode,
a carbon rod was used as the counter electrode, and a saturated calomel electrode was
used as the reference electrode. Potentiodynamic polarization tests were performed with a
potential sweep of 0.166 mV/s according to ASTM G5. To establish a stable potential, the
scan was initiated after the specimen was stabilized in the solution [10]. Electrochemical
impedance spectroscopy (EIS) tests were performed with an amplitude of 10 mV in the
frequency range of 100 kHz to 10 mHz. Electrochemical tests were conducted by a poten-
tiostat (BioLogics, VMP-2, Seyssinet-Pariset, France). After the CCT, the test specimens
were mounted with epoxy and analyzed by an optical microscope (OM), and the compo-
nents of the corrosion product were analyzed by an electron probe micro-analyzer (EPMA;
JEOL, JXA-8530F, Fukuoka, Japan), X-ray diffraction (XRD; Rigaku, D/max-2500V/PC,
Tokyo, Japan), and transmission electron microscopy (TEM; FEI, Tecnai F20 G2, Hillsboro,
OR, USA).

The specific CCT process is shown in Figure 2. The specimens used for the CCT were
cut to a size of 3 cm × 7 cm, and exposed on only one side to the corrosive environment.
The CCT was performed for 10, 20, and 30 cycles, respectively. The salt solution used for
the CCT was 5 wt.% NaCl. The length of a CCT cycle was 24 h, consisting of a wet stage
for 21 h and a dry stage at 30% of relative humidity and 50 ◦C for 3 h.

Figure 2. Specific conditions for the cyclic corrosion test.

3. Results and Discussion

3.1. Electrochemical Measurement

Potentiodynamic polarization tests were conducted to analyze the difference in cor-
rosion characteristics depending on the Cr content, and the results are shown in Figure 3
and Table 2. In Figure 3, all of the specimens show an active corrosion behavior that
increases with increasing potential in Cl−-containing environments without passivation.
Additionally, there was no significant difference in the corrosion potential regardless of
the Cr content. The corrosion potential (Ecorr) and corrosion current density of 0.5 Cr steel
were slightly lower than that of 0 Cr and 0.3 Cr steels, but this is an insignificant difference
that can be regarded as an experimental error.
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Figure 3. Potentiodynamic polarization curves in 3.5 wt.% NaCl solution.

Table 2. Potentiodynamic polarization test results in 3.5 wt.% NaCl solution.

Parameter 0 Cr 0.3 Cr 0.5 Cr

Ecorr (mVSCE) −686.5 ± 1.4 −683.6 ± 5.4 −693.2 ± 12.6
Icorr (μA/cm2) 21.3 20.2 17.4

In order to obtain a better understanding of the effect of Cr on the corrosion behavior
of ACS under aqueous conditions, EIS measurement was performed in a 3.5 wt.% NaCl
solution at room temperature. Figure 4 shows the results of EIS measurement in the form of
Nyquist and Bode plots under open circuit potential (OCP) according to various immersion
times. The Nyquist plots were not perfect semicircles due to dispersion effects that are
often caused by the geometrical inhomogeneity or non-uniform current distribution on the
electrode surface [11]. The capacitive loops in the high- and low-frequency regions over-
lapped. The capacitive loop of the high-frequency region showed the resistance of the film,
whereas that of the low-frequency region showed the charge transfer resistance [12–14]. In
the 0 Cr steel, the size of the semicircle for 1 h was larger than that for 0 h, and then became
smaller with respect to immersion time. This means that a thin and weak oxide layer was
formed on the steel surface at the initial stage of the corrosion process, and deteriorated
with respect to immersion time due to its instability [15]. Similar to 0 Cr steel, the size of the
semicircles for the 0.3 Cr and 0.5 Cr steels also increased immediately after immersion, and
then decreased with immersion time. However, the size of the overall capacitive semicircles
is ordered as 0.5 Cr > 0.3 Cr > 0 Cr. In general, the size of the capacitive semicircle on
the Nyquist plot represents corrosion resistance. This means that the Cr alloying element
within 0.5 wt.% improves corrosion resistance in an aqueous environment. In the Bode
plots, the impedance at a low frequency and the shoulder width at the phase angle were
increased and wider immediately after immersion, and then decreased and narrower with
immersion time. This result is consistent with the Nyquist impedance interpretation.
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Figure 4. Nyquist and Bode impedance plots of EIS data of (a,b) 0 Cr steel, (c,d) 0.3 Cr steel, and (e,f) 0.5 Cr steel in 3.5 wt.%
NaCl solution.

To determine the optimized values for the resistance and capacitance parameters,
the equivalent circuit was used as shown in Figure 5. Rs is the test solution resistance,
Rfilm is the oxide film resistance, Rct is the charge transfer resistance, and Rfilm + Rct is
total resistance or polarization resistance (Rp), which is proportional to the radius of the
capacitive loop in the Nyquist plot. The constant phase element (CPE) is the capacitive
response of the system. CPE1 is the capacitive response of the oxide film, and CPE2 is
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the capacitive response of the double layer caused by the dissolution of the metal and the
charge separation between the metal/electrolyte interface [16–19]. In the equivalent circuit,
CPE is defined as below:

ZCPE = Q−1
0 (jω)−n (1)

where Z is the impedance, Q0 is the coefficient of proportionality, j is the imaginary number,
ω is the angular frequency, and n is the empirical CPE exponent (0 ≤ n ≤ 1) measuring
the deviation from the behavior of an ideal electric capacity [20,21]. CPE can represent
resistance (n = 0), capacitance (n = 1), inductance (n = −1), or Warburg impedance (n = 0.5)
in accordance with n [22].

 

Figure 5. Equivalent circuit for ACS in 3.5 wt.% NaCl solution.

The EIS data were fitted using the ZSimpWin (Princeton Applied Research, Oak Ridge,
TN, USA) program and the results are shown in Table 3. The Rp of 0.3 Cr and 0.5 Cr steels
was higher than that of 0 Cr steel, and the Rp also increased as the Cr content increased.
This indicates that the corrosion resistance is increased as the Cr content increases. This
is believed to be due to the bigger grain size of the steel with higher Cr content. Metal
with active polarization behavior decreases the corrosion rate with bigger grain size [23].
Therefore, Cr improved the corrosion resistance of the ACS that was immersed in the
Cl--containing aqueous solution.

Table 3. Parameters from electrochemical impedance spectroscopy measurements.

Steel
Immersion

Time

Rs

(Ω·cm−2)

CPE1

Rfilm

(Ω·cm−2)

CPE2

Rct

(Ω·cm−2)
Rp

(Ω·cm−2)
Qfilm

(Ω−1

cm−2·sn)
n1

Qct

(Ω−1·
cm−2·sn)

n1

0 Cr

0 h 1.424 7.52 × 10−4 0.8355 29.9 3.97 × 10−4 0.9671 636.5 665.7
1 h 2.531 6.11 × 10−4 0.8146 192.6 1.29 × 10−4 0.9516 951.6 1144.2
2 h 2.522 6.36 × 10−4 0.8037 294 1.48 × 10−4 0.9883 801.2 1095.2
3 h 2.542 6.65 × 10−4 0.801 239.9 1.55 × 10−4 0.9724 831.3 1071.2
4 h 2.549 6.84 × 10−4 0.796 267.4 1.61 × 10−4 0.997 752.1 1019.5
5 h 2.574 6.72 × 10−4 0.7959 217.5 1.73 × 10−4 0.9593 766.3 983.8
6 h 2.589 6.81 × 10−4 0.7953 203.7 1.85 × 10−4 0.9509 733.1 936.8

0.3 Cr

0 h 1.773 1.71 × 10−4 1 3 9.06 × 10−4 0.7621 1304 1307
1 h 1.227 2.05 × 10−4 0.9653 32.3 3.76 × 10−4 0.7516 1210 1242.3
2 h 1.22 1.92 × 10−4 0.9714 29.2 3.79 × 10−4 0.7541 1151 1180.2
3 h 1.212 1.83 × 10−4 0.9759 26.5 3.90 × 10−4 0.7497 1215 1241.5
4 h 1.212 1.69 × 10−4 0.9843 24.3 4.00 × 10−4 0.7475 1223 1247.3
5 h 1.217 1.59 × 10−4 0.9914 23.7 4.10 × 10−4 0.7442 1266 1289.7
6 h 1.215 1.57 × 10−4 0.993 23.1 4.08 × 10−4 0.7424 1285 1308.1
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Table 3. Cont.

Steel
Immersion

Time

Rs

(Ω·cm−2)

CPE1

Rfilm

(Ω·cm−2)

CPE2

Rct

(Ω·cm−2)
Rp

(Ω·cm−2)
Qfilm

(Ω−1

cm−2·sn)
n1

Qct

(Ω−1·
cm−2·sn)

n1

0.5 Cr

0 h 2.809 4.71 × 10−4 0.8449 21.6 2.14 × 10−4 0.8069 1414 1435.6
1 h 1.986 5.09 × 10−4 0.8474 59 1.63 × 10−4 0.7983 1543 1602
2 h 1.978 5.18 × 10−4 0.8405 63.5 1.67 × 10−4 0.7818 1419 1482.5
3 h 1.964 3.86 × 10−4 0.8637 20.6 2.95 × 10−4 0.7261 1270 1290.6
4 h 1.963 3.24 × 10−4 0.8782 14.9 3.39 × 10−4 0.7095 1489 1503.9
5 h 2.001 1.18 × 10−4 0.9798 4.5 5.31 × 10−4 0.7418 1502 1506.5
6 h 2.013 9.42 × 10−4 0.9999 3.6 5.44 × 10−4 0.748 1542 1545.6

3.2. Cyclic Corrosion Test Results

The specimens after the CCT were cut and the cross-section was observed with an
OM and the results are shown in Figure 6. After 10 cycles, the rust of all steels was thin and
relatively uniform. However, after 20 cycles, brown and black oxides were formed on the
inner layer and outer layer, respectively. Especially after 30 cycles, the amount of corrosion
product of 0.3 Cr and 0.5 Cr steels was greater than that of 0 Cr steel, and corroded in a
more localized way. Furthermore, since the thickness of the oxide layer is proportional to
the amount of corrosion of the base metal, a thick oxide layer was locally formed on the
0.3 Cr and 0.5 Cr steels.

 
(a) 

 
(b) 

 
(c) 

Figure 6. Cross-section OM images of (a) 0 Cr steel, (b) 0.3 Cr steel, and (c) 0.5 Cr steel after CCT.

To determine the localized corrosion tendency, the pitting factor (PF) with a concept
similar to that given in ASTM G46 was used. A PF value of 1 means perfect uniform
corrosion, and a higher PF means an increased localized corrosion tendency. The PF
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for each CCT cycle was derived by the following equation, and the variation of the PF
according to CCT cycle is shown in Figure 7.

PF =
p
d

(2)

where p is the maximum penetration depth, and d is the average penetration depth.

 

10 20 30
1

2

3

4

5

6

7
 0 Cr
 0.3 Cr
 0.5 Cr

Pi
tti

ng
 fa

ct
or

Cycle

Figure 7. Variation of pitting factor according to CCT cycle.

In the case of 0 Cr steel, the PF was approximately 2 regardless of the cycle, while the
PF of 0.3 Cr and 0.5 Cr steels changed depending on the cycle. In all cycles, the PF of the
Cr-added steels was higher than that of the 0 Cr steel, but the PF was not proportional to
Cr content. This indicates that the Cr alloying element can accelerate localized corrosion,
and the presence or absence of Cr greatly affects the localized corrosion, not the Cr content.

The cross-section of the specimen after 10 and 30 cycles was analyzed to determine the
chemical composition using EPMA, and the results are shown in Figure 8. The rust layer of
0 Cr steel was composed entirely of porous iron oxide (e.g., γ-FeOOH, γ-Fe2O3, Fe3O4).
In addition, Cl− was accumulated at the metal/rust interface and on the inner layer with
uniform concentration and distribution. The Cr-added steels had a very dense and uniform
Cr-enriched region in the inner rust layer, while the outer rust layer was composed of
porous iron oxide, like 0 Cr. Cl− was detected underneath the Cr-enriched layer and at the
metal/rust interface, but unlike 0 Cr steel, it was localized and non-uniformly concentrated.
The rust layer of the 30-cycle steel was exfoliated from the metal, and the Cl− concentration
in the inner rust layer was increased significantly compared to 10 cycles. Therefore, it is
considered that the corrosion is accelerated because the protective oxide layer loses its
protective property after the rust layer exfoliates.

To summarize the above results, Cl− was concentrated at the metal/rust interface
in all of the specimens regardless of Cr content. Generally, since the localized corrosion
in an atmospheric environment is caused by Cl− enrichment [4,24], localized corrosion
with a PF of approximately 2 or higher occurred in all of the steels, as shown in Figure 7.
However, 0.3 Cr and 0.5 Cr steels had higher PFs than 0 Cr steel because Cl- was localized
and non-uniformly concentrated as compared with 0 Cr steel.
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Figure 8. EPMA analysis of (a) 0 Cr steel, (b) 0.3 Cr steel, and (c) 0.5 Cr steel after CCT.
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3.3. Rust Constituent Analysis

The constituent of the rust formed after the CCT was analyzed by XRD, EDS, and
TEM, and the results are shown in Figures 9 and 10. As shown in Figure 9, the phase of rust
formed by the CCT was almost the same for all steels. The rusts were composed of various
oxides and hydroxides such as α-FeOOH (goethite), β-FeOOH (akaganeite), γ-FeOOH
(lepidocrocite), γ-Fe2O3 (maghemite), and Fe3O4 (magnetite). Among them, akaganeite
always contains Cl− in the lattice because it is stabilized by the Cl− entering the lattice
structure. In addition, akaganeite is formed only during the dry stage in an atmospheric
environment, and Cl− in the akaganeite is dissolved in water to promote corrosion during
the wet stage. That is, the akaganeite acts as a Cl− reservoir. As a result, a large amount
of akaganeite is formed inside the pit generated by atmospheric corrosion [3,6,24–26].
Therefore, akaganeite was formed in the inner rust layer, and Cl− was observed at the
metal/rust interface, as shown in Figure 8.

 

Figure 9. XRD analysis of the specimen surfaces after 20 cycles of CCT.

The EDS results, TEM images, and diffraction patterns of the inner and outer rust
formed on the 0.5 Cr steel were analyzed, and the results are shown in Figure 10. Chlorine
was observed in the inner rust particle as an acicular single crystal with a size of about
100 nm, as shown in Figure 10a. This is the major characteristic of akaganeite [27]. In
Figure 10b, Cr and Cl− were observed together in the inner rust particle. The particle was
polycrystalline and was a spherical agglomeration with a size of several nanometers. As
the spherical-shaped rust is the main feature of goethite [28], the particle is Cr-containing
nanoscale goethite (Cr-goethite). Since dissolved or enriched Cr suppresses the growth
of goethite crystals [7], the size of the Cr-goethite particles is very small. Cr-goethite is so
small in size that it acts as a protective film that is densely formed in the inner rust layer.
Furthermore, Cr-goethite has cation selectivity so it can inhibit the penetration of aggressive
anions such as Cl− and SO4

2− and improve corrosion resistance [7,25,29–31]. In short,
Cr-goethite was formed in the inner rust layer of Cr-added steels, which blocked the inflow
of additional Cl− from the outside and consequently improved the corrosion resistance.
As shown in Figure 10c, Cl− and Cr were not detected in the outer rust particle. Therefore,
the outer rust layer is composed of various rusts such as lepidocrocite, maghemite, and
magnetite detected from the XRD analysis results. In summary, the inner rust layer consists
of akaganeite containing Cl− and Cr-goethite, while the outer rust layer is composed of
amorphous iron oxyhydroxide mixed with various types of rust.
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Figure 10. TEM images and the diffraction patterns of (a,b) inner rust and (c) outer rust formed on the 0.5 Cr steel.

3.4. Localized Corrosion Mechanism of Cr-Added Steel under Wet/Dry Conditions

The Cr alloying element accelerates localized corrosion under Cl-containing wet/dry
conditions unlike the immersion condition. The mechanism of localized corrosion of Cr-
added steel under wet/dry conditions is as follows, and a schematic diagram is shown in
Figure 11.
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Figure 11. Schematic diagram of the mechanism of localized corrosion of Cr-added steel under wet/dry conditions.

Corrosion of steel begins in areas where the inherent oxide film is weak. During the
wet stage, Cl− ions existing in the aqueous adsorption layer move to these weak areas, and
a Cl-concentrated region (nest) is formed [32]. The Cl− is adsorbed on the steel surface,
and then atmospheric corrosion initiates. Thereafter, Fe2+ reacts with H2O to form Fe(OH)2,
and with salt or Cl− in the air to form FeCl2.

Fe → Fe2 + + 2e− (3)

Fe2+ + 2H2O → Fe(OH)2 + 2H+ (4)

Fe2+ + 2Cl− → FeCl2 (5)

During the dry stage, Fe(OH)2 is transformed into lepidocrocite, and FeCl2 formed in
the Cl-concentrated region is transformed into akaganeite. After that, lepidocrocite and
akaganeite are reduced to amorphous oxide or magnetite in the wet stage. Next, magnetite
is re-oxidized into lepidocrocite.

2γ-FeOOH + Fe2+ → Fe3O4 + 2H+ (6)

Fe3O4 + 3/2O2 + H2O → 3γ-FeOOH (7)

In the atmospheric rusting process, lepidocrocite on the steel surface transforms into
amorphous ferric hydroxide, then it converts to goethite. Cl− may facilitate this reaction
and promote goethite formation [33–35].

γ-FeOOH → FeOx(OH)3−2x (amorphous ferric oxyhydroxide) → α-FeOOH (8)

γ-FeOOH → FeOx(OH)2−2xCl → α-FeOOH + HCl (9)

Cr3+ ions dissolved in the early stages of the corrosion process are more easily de-
posited as hydroxides near the steel surface compared to the Fe2+ ions since the solubility
of Fe2+ ions is higher than that of Cr3+. Additionally, the Cr3+ ions act as nuclei for the
growth of Cr-goethite. Finally, an ultrafine Cr-goethite layer is formed in the inner rust
layer when the wet/dry process is repeated [6]. Since Cr-goethite has cation selectivity, it
suppresses the penetration of aggressive anions and improves corrosion resistance. Then,
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after the formation of Cr-goethite, the inflow of extra Cl− from the outside is blocked, so
that Cl− is locally accumulated underneath the Cr-enriched layer.

During the wet stage, Cl− ions in the akaganeite formed in the inner rust layer are
dissolved and eluted in water, resulting in the formation of FeCl2 and CrCl3. The hydrolysis
reactions of these Fe and Cr salts occur.

FeCl2 + 2H2O → Fe(OH)2 + 2HCl (10)

CrCl3 + 3H2O → Cr(OH)3 + 3HCl (11)

The pH of the steel surface is reduced by the hydrolysis reaction of Fe and Cr [36,37].
Since Cr tends to strongly hydrolyze up to pH 1.4, it enhances the susceptibility to localized
corrosion compared to the hydrolysis reaction of Fe [38]. That is, FeCl2 and CrCl3 are
formed from the Cl- nest developed in the early stage, and the CrCl3-formed regions are
locally accelerated. Even if Cr is not added, Cl− may cause localized corrosion. However,
when Cr is added, localized corrosion is more accelerated since Cr is strongly hydrolyzed
to a very low pH.

Finally, when the wet/dry cycle is continuously repeated, the rust layer is exfoliated
and loses its protective property. Then, Cl− easily penetrates into the gap between the
separated rust layer and substrate, which accelerates the localized corrosion of ACS.

4. Conclusions

In this study, the effect of Cr alloying element on the corrosion properties of ACS in
aqueous and atmospheric conditions was investigated using electrochemical measurements
and a CCT. The conclusions based on the investigations are as follows:

• In the electrochemical measurement results, the Cr alloying element improves the cor-
rosion resistance of the ACS that was immersed in the Cl-containing aqueous solution.

• Cl is concentrated at the metal/rust interface in all of the specimens regardless of Cr
content after the CCT. The Cl is uniformly concentrated and distributed on the 0 Cr
steel, whereas Cl is localized and non-uniformly concentrated on the Cr-added steels.
The PF of the Cr-added steels is higher than that of the 0 Cr steel during the CCT.

• The inner rust layer consists of Cl-containing akaganeite and Cr-goethite, while the
outer rust layer is composed of amorphous iron oxyhydroxide mixed with various
types of rust.

• FeCl2 and CrCl3 are formed from the Cl nest developed in the early stage, and the
pitting at CrCl3-formed regions is locally accelerated because Cr is strongly hydrolyzed
to a very low pH.
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Abstract: The corrosion behavior of two silicon steels with the same chemical composition but
different grains sizes (i.e., average grain area of 115.6 and 4265.9 μm2) was investigated by metallo-
graphic microscope, gravimetric, electrochemical and surface analysis techniques. The gravimetric
and electrochemical results showed that the corrosion rate increased with decreasing the grain size.
The scanning electron microscopy/energy dispersive x-ray spectroscopy and X-ray photoelectron
spectroscopyanalyses revealed formation of a more homogeneous and compact corrosion product
layer on the coarse-grained steel compared to fine-grained material. The Volta potential analysis,
carried out on both steels, revealed formation of micro-galvanic sites at the grain boundaries and
triple junctions. The results indicated that the decrease in corrosion resistance in the fine-grained
steel could be attributed to the higher density of grain boundaries (e.g., a higher number of active
sites and defects) brought by the refinement. The higher density of active sites at grain boundaries
promote the metal dissolution of the and decreased the stability of the corrosion product layerformed
on the metal surface.

Keywords: silicon steel; electrical steel; grain size; electrochemical corrosion; carbon dioxide;
AM-KPFM Volta potential measurements

1. Introduction

Electrical steels, also referred to as silicon steels (i.e., Si is the major additive element),
are used as soft magnetic materials for construction of stators and rotors due to their
magnetic properties and low cost [1,2]. The magnetic properties of the electrical steel are
influenced by different parameters, such as sheet thickness, chemical composition and
microstructure, and particularly by the grain size. Previous studies reported that large
grain sizes are desired to improve the soft magnetic properties of the electrical steel [3,4].
Lee et al. [4] analyzed the magnetic properties of electrical steel as function of the grain size
and found that samples with finer grains exhibited approximately 15% higher core loss W
with little effect on the magnetic flux density B, compared to samples with larger grains. It
should be noted that electrical steels with a low core loss and high magnetic flux density
are preferable for electrical machinery cores from the magnetic properties point of view [4].

Stators and rotors are composed of hundreds of thin electrical steel sheets and used in
the cores of electromagnetic devices [2]. Although this equipment is designed to avoid the
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introduction of any liquids, they usually operate in severe working environments, such as
high pressure, high temperature, and presence of aggressive gases (e.g., CO2, H2S), which
can easily compromise their mechanical integrity. With time, the steam condenses into
droplets of liquid inside this equipment. The CO2 corrosion in the oil and gas industry is
one of the greatest challenges [5,6]. The gaseous CO2 dissolves in the condensed water,
forming carbonic acid, which successively dissociates into bicarbonate and carbonate
anions [5,6]. The combination of liquid water and CO2 creates aggressive conditions,
which may lead to severe corrosion attack, leading to their performance degradation and
hence, compromising the functionality of the plant over time. The grain size plays an
important role in the design of electrical steel. From the magnetic properties point of
view, large grains are more benefical. Grain size has also a strong effect on the mechanical
and corrosion properties of the steel [7–11]. The relationship between the grain size and
mechanical properties of the steel is well defined by the Hall-Petch relationship. However,
the correlation between the grain size and its corrosion behavior is still an open field for
investigation. Onyeji et al. [8] studied the corrosion behavior of two X65 steels with the same
chemical composition but different grain sizes in aerated and deaerated brine solutions. The
authors reported that the steel with coarser grains showed a higher corrosion resistance in
both solutions. Li et al. [12] observed that the corrosion resistance of nanocrystallized low-
carbon steels in 0.05 M H2SO4 + 0.05 M Na2SO4 aqueous solution increased with decreasing
the grain size. Palumbo et al. [13] observed that an increase in grain refinement leads to an
increase in the volume fraction of intercrystalline areas such as grain boundaries and triple
junctions. Many authors argued that the grain boundaries and triple junctions have higher
energies compared to the bulk and, as such, are more chemically active with respect to the
adjacent matrix [7,8,11,12,14–17]. Therefore, the grain refinement enhances the reactivity of
the surface, which may cause a preferential dissolution of the grains [7,8,11,12,14–16,18].
However, it is worth mentioning that there is not an unanimous consensus regarding the
effect of the grain size on the corrosion resistance of ferrous alloys. Some studies showed
that the environment plays a crucial role. Wang et al. [7] reported that the grain refinement
decreased the corrosion resistance of the low alloy steel in a 3.5 wt.% NaCl solution, but the
same steel showed an improvement in corrosion resistance in a 0.1 M NaHCO3 solution.
Similar behavior was observed by Zeiger et al. [16]. The authors found that the grain
refinement led to a decrease in the corrosion resistance of the steel in a Na2SO4 solution
with pH = 1, but the corrosion resistance increased in a Na2SO4 solution with pH = 6. The
little consensus reported in the literature is related to the difficulty of isolating the effect of
the grain size from other microstructural changes introduced during the grain refinement
processes such as, for example, rolling or plastic deformation. Consequently, a case-by-case
study is needed to understand the corrosion effect of the grain size of a given metal in a
given environment.

The objective of this work is to study the corrosion behavior of two electrical steel
sheets with similar chemical composition, but different grain sizes in pure water saturated
with CO2. To this end, the study was carried out using weight loss and electrochemical
measurements. The scanning electron microscopy-energy dispersive x-ray spectroscopy
(SEM-EDS) and x-ray photoelectron spectroscopy (XPS) analyses were employed to charac-
terize the corrosion product layer and to support the gravimetric and electrochemical re-
sults. Moreover, to highlight the micro-galvanic activities occurring at the grain boundaries
and triple junctions on the metal surface, Volta potential measurements were performed.

2. Experimental Procedures

2.1. Materials

The study was performed on two types of silicon steels labeled 200 and 300. The
samples were supplied by Łukasiewicz Research Network according to IEC 60404 8 5
standard. Both samples in as-received conditions were covered with a phosphate protective
coating. Each time prior to a test, the coating was removed by grinding the surface with SiC

250



Materials 2021, 14, 5084

abrasive paper up to 1200 grit and finishing the surface with levigated alumina, cleaned
ultrasonically in absolute ethanol and dried before immersion in the tested solution.

The coating-free sample surface was analyzed on a spark spectrometer to identify the
chemical composition of samples (Table 1).

Table 1. Chemical composition of the tested samples.

Element Sample

wt.% 200 300

C 0.011 ± 0.01 0.007 ± 0.01
Si 2.93 ± 0.17 3.24 ± 0.11

Mn 0.22 ± 0.03 0.18 ± 0.02
P 0.03 ± 0.01 0.026 ± 0.03
S 0.004 ± 0.001 0.003 ± 0.001

Al 0.91 ± 0.13 1.05 ± 0.08
Fe Bal. Bal.

2.2. Metallographic Analysis

The metallographic analysis was carried out by etching the samples with a nital
solution (e.g., 4% HNO3 solution) and then degreased with absolute ethanol and dried.
Grain size measurements were performed according to the ASTM E112 [19] method using
a LEICA DM4000 M LED microscope (Leica Microsystems, Wetzlar, Germany).

2.3. Gravimetric Measurement

Gravimetric measurements were carried out by immersing the samples for 24 h in
pure water saturated with carbon dioxide at 25 ◦C. The solution was thermostated in a
water bath. After the immersion time had elapsed, the specimens were removed and
ultrasonically washed in ethanol, dried, and reweighed. The weight loss was determined
using an analytical balance with the accuracy of ±0.1 mg. In each case, the experiment
was conducted three times. The corrosion rate (CR) in mm·y−1 was obtained from the
following equation [6]:

CR (mm y−1) =
87.6 Δm

d A t
(1)

where Δm is the weight loss, A is the surface of the sample (cm2), d is the density
(7.87 g cm−3), and t is the immersion time (h).

2.4. Electrochemical Measurement

The electrochemical measurements were carried out with a Gamry 600 potentiostat
(Gamry Instruments, Warminster, PA, USA). The electrochemical cell consisted of a working
electrode, a saturated calomel reference electrode (SCE) and a platinum counter electrode.
The experiments were performed at 25 ◦C in pure water saturated with carbon dioxide.
The electrolyte conductivity was 190 μS cm−1 and the pH was 4.12. The tests were carried
out using electrochemical impedance spectroscopy (EIS) and potentiodynamic polarization
(PDP). The EIS measurements were performed at an amplitude of 40 mV in the frequency
range from 1 kHz to 10 mHz. Both measurements were carried out at intervals of 3, 6, 12,
18, and 24 h. The PDP measurements were performed by sweeping the potential from −1.0
to −0.4 V vs. SCE with a scan rate of 1 mV s−1 after holding the specimen at open circuit
potential for 24 h in the tested solutions. The corrosion rate (CR) was calculated according
to the ASTM G102 [20] using the following equation:

CR (mm y−1) =
3.27×10−3 icorr EW

d
(2)

where icorr is the corrosion current density, Ew is the equivalent weight of the metal, and d
is the density of the metal. 3.27 × 10−3 is the conversion factor.
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2.5. Surface Analysis

The morphological analyses were carried out on specimens exposed in the tested
solution for 24 h, rinsed with deionized water and dried. The surface analysis was per-
formed using SEM-EDS and XPS. The SEM-EDS investigation was performed using a JEOL
scanning electron microscope aquiped with a IXRF EDS detector (JEOL, Inc., Peabody,
MA, USA). The XPS analysis was performed with a PHI 5000 VersaProbe II spectrome-
ter (ULVAC-PHI, Inc., Kanagawa, Japan) with an Al Kα monochromatic X-ray beam as
described elsewhere [6].

The amplitude modulation Kelvin probe force microscopy (AM-KPFM) Volta potential
(ΔΨ) analysis was carried out with a Dimension Icon XR (Bruker, Santa Barbara, CA, USA)
working in the tapping mode, using platinum-iridium coated, electrically conductive SCM-
PIT-V2 probes with cantilevers with a nominal spring constant of 3.0 N/m. AM-KPFM
mode was used with 500 mV bias voltage and 100 nm lift height.

3. Results and Discussion

3.1. Metallographic Measurement

Figure 1 shows the microstructures and the grain size distribution of the tested steels,
with the microstructure parameters summarized in Table 2. It is clear from the data that
both samples show a similar chemical composition, with very little variation between
different elements, but different microstructures. The 300 steel shows a coarse-grained
microstructure with an average grain size of circa 4265.9 μm2, whereas the 200 steel shows
a fine-grained microstructure with an average grain size of circa 115.6 μm2.

(a) (d) 

(b) (e) 

(c) (f) 

Figure 1. Microstructure and the histogram showing the grain size number distribution of 200 (a–c)
and 300 steels (d–f).
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Table 2. Grain size analysis of the steels.

200 300

Average
grain size

number (G)

Average
diameter

(μm)

Average
grain area

(μm2)

Average
grain size

number (G)

Average
diameter

(μm)

Average
grain area

(μm2)
10.1 ± 0.23 10.8 ± 0.87 115.6 ± 20.9 4.9 ± 0.32 65.3 ± 7.49 4265.9 ± 499.7

3.2. Gravimetric Measurements

Table 3 shows the corrosion rates of the samples obtained from the weight loss mea-
surements after 24 h of immersion in the tested solution. It follows from the data that
the CR of the sample with fine grains is approximately two times higher compared to
the sample with coarse grains. The analysis of the chemical composition (Table 1) shows
that both specimens have a similar composition, with very little variation in concentra-
tion of the alloying elements. It can be inferred that the small differences observed in
microalloying do not affect the corrosion rate of the metal and that the difference in the
corrosion rate is therefore related to the microstructure. Similar results were also reported
in [8,11,12,14–16,18]. Onyeji et al. [8] reported that the corrosion behavior of two X65 steels
with identical chemical composition but different microstructures varied. The authors
observed that the coarse-grained steel showed higher corrosion resistance compared to
the steel with a fine grained microstructure. The authors suggested that this behavior was
attributed to the enhanced reactivity of the surface after the grain refinement, which causes
a preferential dissolution of the grains.

Table 3. Weight loss and corrosion rate of the steels after 24 h of immersion time.

Sample Weight Loss (mg) Corrosion Rate (mm y−1)

200 3.57 ± 0.25 0.25 ± 0.02
300 0.79 ± 0.04 0.12 ± 0.01

3.3. Electrochemical Measurements

Figures 2 and 3 show the EIS plots carried out under different immersion times at open
circuit potential for 200 and 300 steels, respectively. As can be seen from the Nyquist and
Bode plots (Figure 2a,c and Figure 3a,c), the conductivity of the solution was very low. This
result is understandable since the tested electrolyte consisted of pure water saturated with
CO2 with a conductivity of approximately 190 μS cm−1. However, as time increased, the
conductivity of the solution increased, likely due to the release of ions into the bulk solution
from the metal surface. To compare the corrosion behavior of both samples, the IR drop was
manually compensated. The corrected plots (Figure 2b,d,f, and Figure 3b,d,f) were then
fitted with the equivalent circuit displayed in Figure 4 Due to the imperfection of the metal
surface, the double-layer capacitance (Cdl) was simulated using a constant phase element
(CPE) [14]. The impedance of the CPE is described by the following equation [5,21]:

ZCPE =
1

Q(jω)n (3)

where Q stands for CPE constant, n is the exponent, j is the imaginary unit, and ω is the
angular frequency at which Z reaches its maximum value.
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 2. EIS plots obtained after different immersion times for the 200 steel before (a,c,e) and after (b,d,f) the IR
drop correction.
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 3. EIS plots obtained after different immersion times for the 300 steel before (a–c) and after (d–f) the IR
drop correction.

255



Materials 2021, 14, 5084

 
Figure 4. Equivalent circuit used to fit the EIS plots. Here, Rs is the electrolyte resistance, Qdl is
the constant phase element representing the double charge layer capacitance and Rct is the charge
transfer resistance. L and RL represent the inductance and inductance resistance, respectively.

As can be seen from figures (Figure 2b,d,f and Figure 3b,d,f), the fitted results were
similar to those obtained experimentally and the values of χ2 were very low (Table 4),
indicating that the equivalent circuit, employed to simulate the system under investigation,
was the most appropriate one. It follows from the Nyquist diagrams (Figures 2c and 3c) that
the shape of the curve did not change with the immersion time and exhibited a depressed
semicircle in the whole frequency range due to the inherent charge transfer processes
controlling the corrosion reactions. An inductive loop is also visible at low frequencies,
likely due to the relaxation time of the intermediate adsorbed species.

Table 4. Electrochemical impedance parameters of the two steels in the tested solution after the IR drop correction.

Sample
Time

(h)
Rs

(Ω cm2)
Q1

(mΩ−1 sn cm−2)
n Rct

(Ω cm2)
L

(H cm2)
RL

(Ω cm2)
χ2

(10−4)

200

3 0.96 0.48 ± 0.06 0.57 ± 0.02 0.47 ± 0.03 0.27 ± 0.03 0.14 ± 0.011 1.05
6 0.98 0.38 ± 0.03 0.59 ± 0.04 0.45 ± 0.05 0.15 ± 0.02 0.01 ± 0.005 0.99
12 0.98 0.36 ± 0.03 0.58 ± 0.05 0.54 ± 0.06 0.19 ± 0.04 0.01 ± 0.003 0.38
18 0.97 0.26 ± 0.02 0.63 ± 0.03 0.65 ± 0.03 0.12 ± 0.02 0.04 ± 0.001 0.46
24 0.99 0.19 ± 0.01 0.67 ± 0.05 0.64 ± 0.03 0.07 ± 0.01 0.07 ± 0.002 1.6

300

3 0.95 0.04 ± 0.001 0.61 ± 0.04 2.32 ± 0.16 0.24 ± 0.01 0.70 ± 0.06 2.02
6 0.98 0.04 ± 0.001 0.65 ± 0.03 2.35 ± 0.21 0.25 ± 0.02 0.69 ± 0.02 2.06
12 0.89 0.04 ± 0.003 0.69 ± 0.04 2.03 ± 0.22 0.64 ± 0.01 0.49 ± 0.02 1.99
18 0.98 0.05 ± 0.005 0.71 ± 0.03 2.26 ± 0.15 0.36 ± 0.02 0.52 ± 0.03 1.41
24 0.97 0.05 ± 0.003 0.72 ± 0.02 2.61 ± 0.28 0.36 ± 0.01 0.51 ± 0.05 0.94

The CO2 gas dissolves in the solution forming carbonic acid, which successively
dissociates into bicarbonate and carbonate anions, according to the following reactions:

CO2+H2O(l) ↔ H2CO3 (4)

H2CO3 ↔ H++HCO−
3 (5)

HCO−
3 ↔ H++2CO2−

3 (6)

In the presence of CO2, the process is controlled by the three cathodic reactions [6,22,23]:

2H2CO3+2e− → H2+2HCO−
3 (7)

2HCO−
3 +2e− → H2+2CO2−

3 (8)

2H++2e− → H2 (9)

The anodic reaction in a CO2-saturated solution can be summarized by the multi-step
dissolution of carbon steel [24]:

Fe + H2O → (FeOH)ads+H++e− (10)
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(FeOH)ads → FeOH++e− (11)

FeOH++H+ → Fe2++H2O (12)

The inductive loop, observed at low frequencies, is likely due to the adsorption of
(FeOH)ads on the metal surface [24].

After 24 h of immersion the 300 steel showed a higher capacitive semicircle compared
to the 200 steel (Figure 5) The EIS findings are in agreement with the gravimetric results.
Since the corrosion resistance of a given metal is a function of the size of the capacitive
loop, it follows from the figure that the 300 steel, with a wider Nyquist curve capacitive
loop, shows a higher corrosion resistance than the 200 steel. The SEM-EDS and XPS
analyses (Section 3.4) indicate that the higher corrosion resistance of the 300 steel was
likely ascribed to formation of a more stable and/or compact protective layer comprised
of Al2O3, SiO2, Fe2O3 and traces of FeCO3. Since both materials had a similar chemical
composition this behavior can be ascribed to different microstructure. Di Schino et al. also
observed a similar result [9,10]. They studied the effects of the grain size on the corrosion
behavior of refined austenitic stainless steel in a 5% H2SO4 boiling solution after 10 h of
immersion. The authors reported that the corrosion rate decreased with increasing the
grain size. They suggested that an increase of the grain boundary surface area due to grain
refining, caused the passive film to become less stable, due to the defects concentrated in
the grain boundaries. In their study, the layer formed on the coarse-grained steel was more
stable and could thus provide more protection to the steel substrate by a blocking effect,
thereby reducing the diffusion of the aggressive substances from the bulk solution to the
metal surface.

  
(a) (b) 

 
(c) 

Figure 5. EIS plots comparing the two steels after 24 h of immersion and after the IR drop correction in the tested solution.
(a) Nyquist, (b) Bode and (c) Phase angle.
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Figure 6 and Table 5 show the potentiodynamic polarization measurements and
corrosion kinetic parameters observed after 24 h of immersion in the tested solution,
respectively. It is evident from the data that the corrosion current density of the steel with
coarse grains was significantly lower compared to steel with fine grains. The corrosion
rate of the metal with coarse grains was found to be 0.15 mm y−1 against 0.28 mm y−1 for
the metal with fine grains, in agreement with the results observed with the gravimetric
measurements. Furthermore, both the anodic and cathodic branches of the polarization
curves were shifted towards the lower current densities for the steel with coarser grains.
Li et al. [12] also reported a similar result. The authors suggested that the higher anodic
current density observed for the steel with finer grains was related to the high energies
that the atoms have at the grain boundaries. These atoms are the first to take part in the
reaction. An increase in grain refinement leads to an increase in the volume fraction of
intercrystalline areas such as grain boundaries and triple junctions [13]. Therefore, as the
volume fraction of the grain boundary increases, the amount of the active atoms on the
steel surface also increases, which in turn leads to an increase in the anodic current density.
The result suggests that the stable layer, formed on the coarse grain size metal surface,
hinders both the rate of the cathodic reaction (Equations (7)–(9)) and anodic dissolution
(Equations (10)–(12)), by either covering part of the metal surface or blocking the active
corrosion sites on the steel surface [5,6].

 
Figure 6. Potentiodynamic polarization curves obtained after 24 h of immersion in the tested solution.

Table 5. Potentiodynamic polarization parameters in the tested solution obtained after 24 h
of immersion.

Sample Ecorr (V vs. SCE) −βc (V dec−1) icorr (μA cm−2) CR (mm y−1)

200 −0.696 ± 0.015 0.433 ± 0.087 24.44 ± 1.87 0.28 ± 0.02
300 −0.680 ± 0.011 0.588 ± 0.051 12.98 ± 2.57 0.15 ± 0.03

To confirm the correctness of the results obtained in pure water, the electrochemical
experiments were also carried out in a 3.5 wt.% NaCl aqueous solution saturated with CO2.
The EIS and PDP results are displayed in Figures 7 and 8 and Tables 6 and 7, respectively.
The results are in agreement with ones observed in pure water saturated with CO2, which
shows that the coarse-grained steel still displays a better corrosion resistance compared to
the fine grained steel. In particular, it can be seen from the potentiodynamic experiments
(Figure 8) that the 300 steel exhibits a pseudo-passive region, only, extends to a small range
of potential (i.e., −612 to −586 mV vs. SCE). This result confirms that the coarse-grained
steel tends to form a more stable corrosion product layer on the surface, which led to an
increase in its corrosion resistance.
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(a) (b) 

 
(c) 

Figure 7. EIS plots comparing the two different samples after 24 h of immersion in a 3.5 wt.% NaCl saturated with CO2.
(a) Nyquist, (b) Bode, and (c) Phase angle.

 
Figure 8. Potentiodynamic polarization curves obtained after 24 h of immersion in a 3.5 wt.% NaCl
aqueous solution saturated with CO2.
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Table 6. Electrochemical impedance parameters of the steels after 24 h of immersion in a 3.5 wt.% NaCl aqueous solution
saturated with CO2.

Sample
Time

(h)
Rs

(Ω cm2)

Q1

(mΩ−1 sn

cm−2)
n Rct

(Ω cm2)
L

(H cm2)
RL

(Ω cm2)
χ2

(10−4)

200 24 10.04 0.46 ± 0.03 0.78 ± 0.03 421.10 ± 28.53 50.11 ± 9.07 49.22 ± 8.59 8.27
300 24 10.26 0.30 ± 0.06 0.80 ± 0.05 968.30 ± 40.89 60.10 ± 10.03 31.81 ± 6.89 5.69

Table 7. Potentiodynamic polarization parameters obtained after 24 h of immersion in a 3.5 wt.%
NaCl aqueous solution saturated with CO2.

Sample Ecorr (V vs. SCE) −βc (V dec−1) icorr (μA cm−2) CR (mm y−1)

200 −0.735 ± 0.019 0.517 ± 0.044 70.42 ± 2.34 0.82 ± 0.03
300 −0.746 ± 0.016 0.471 ± 0.067 29.43 ± 1.37 0.34 ± 0.02

3.4. Morphological Analysis

Figure 9 shows the surface morphology after 24 h of immersion in pure water saturated
with CO2. It is clear from figures that the surface morphology of the tested samples differs
significantly. The severity of the corrosion process revealed the microstructure of the
200 steel (Figure 9a). By contrast, the surface of the 300 steel appears much smoother. The
EDS analysis listed in Table 8 confirmed formation of a protective corrosion product layer,
mainly composed of aluminum, oxygen, and other alloying elements. However, the data
shows that the surface of the 300 steel was covered by a more homogeneous layer with
the concentration of the abovementioned elements uniformly distributed over the entire
surface. On the other hand, the surface of the 200 steel shows the presence of darker areas
(e.g., red square 2 in Figure 9a), where the concentration of Al and O was higher compared
to lighter areas (e.g., red square 1 from Figure 9a) and much similar to that found on the
surface of the 300 steel. These results confirmed the observations reported in this study and
are in agreement with the literature [9–16]. The results suggest that the better corrosion
resistance performance observed of the coarse-grained steel was ascribed to its ability
to form a more homogeneous and stable layer over the entire surface, which shields the
material from the aggressive solution. Moreover, the morphological analysis also shows
the presence of carbon on both surfaces. The presence of carbon was likely due to the
precipitation of FeCO3. Iron carbonate can form when the concentration of Fe2+ and CO2−

3
ions exceeds its solubility product (i.e., super-saturation):

Fe2++CO2−
3 → FeCO3 (13)

  
(a) (b) 

Figure 9. SEM analysis on the sample (a) 200 and (b) 300, after 24 h of immersion. (The red square
area corresponds to the area of the EDS analysis).
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Table 8. EDS analysis of the tested samples.

Element
(wt.%)

200 300

1 2 1 2

C 11.97 ± 2.95 23.04 ± 2.17 21.78 ± 0.08 20.83 ± 1.35
O 7.11 ± 1.62 14.75 ± 1.04 10.71 ± 1.44 14.38 ± 1.03
Al 0.90 ± 0.08 3.54 ± 0.53 4.96 ± 0.55 7.10 ± 0.47
Si 2.60 ± 0.14 3.39 ± 0.30 3.19 ± 0.10 3.50 ± 0.05
P 0.09 ± 0.01 0.24 ± 0.02 0.10 ± 0.01 0.11 ± 0.01
S 0.08 ± 0.03 0.11 ± 0.02 0.11 ± 0.01 0.06 ± 0.01

Mn 0.13 ± 0.03 0.06 ± 0.01 0.07 ± 0.01 0.13 ± 0.01
Fe 77.12 ± 4.58 54.87 ± 1.42 59.12 ± 2.37 50.88 ± 5.55

The precipitation of FeCO3 depends not only on the concentration of Fe2+ and CO2−
3

ions, but is also affected by other factors such as temperature, CO2 partial pressure, and pH.
Among the abovementioned factors, the pH of the solution can be regarded as one of the
most influential factors [25]. Dugstad [25] reported that an increase in pH of the solution
significantly reduced the concentration of Fe2+ ions required to exceed the FeCO3 solubility
product and therefore promoteing its precipitation. In this study, the pH increased as
the immersion time increased, going from 4.12, at the beginning of the experiment, to
5.61 after 24 h of immersion. As such, making the precipitation of FeCO3 more probable.
Moreover, Dugstad [25] also reported that the concentration of Fe2+ ions is higher at the
surface/solution interface compared to the bulk solution. Consequently, the concentration
of Fe2+ ions required to promote the formation of FeCO3 on the metal surface is lower and
thus, increasing the likelihood of having FeCO3 on surface. However, only small traces
of FeCO3 could be found as confirmed by the XPS analysis (Figure 10). Previous studies
reported that FeCO3 begins to decompose at temperatures below 100 ◦C according to the
following reaction [6,23,26]:

FeCO3 → FeO + CO2 (14)

In the presence of CO2 or water vapor, FeO transforms into Fe3O4 [23,26].

3FeO + CO2 → Fe3O4+CO (15)

3FeO+ H2O → Fe3O4 + H2 (16)

In the presence of oxygen, FeO and Fe3O4 transform into Fe2O3 [23,26].

4FeO+ O2 → 2Fe2O3 (17)

In the air : 4Fe3O4+O2 → 6Fe2O3 (18)

The XPS was employed to characterize the composition of the thin corrosion layer
formed after 24 h of immersion at 25 ◦C (Figure 10). The high-resolution spectra of
aluminum (Al2p), silicon (Si2p), oxygen (O1s), carbon (C1s), and iron (Fe2p) are presented
in Figure 10 and the binding energies and the corresponding quantification (%) of each peak
are presented in Table 9. The deconvolution of the Al2p spectrum (Figure 10b,c) shows
two peaks located at 74.7 and ~77.5 eV that can be attributed to Al2O3 and anhydrous
Al2O3, respectively [27]. The high-resolution XPS spectrum of Si2p (Figure 10d,e) shows
two main peaks at around 102 and 102.5 eV corresponding to Si-O/Si-O-C bond (Silicon
oxide/Silicon oxycarbide). The silicon oxycarbide phase might have been formed on the
surface as part of the protective layer when the material was exposed to the atmosphere.
The O1s spectrum (Figure 10f,g) is fitted into three distinct peaks namely, 530, 531.6,
and 533 eV. The peak observed at 530 eV was ascribed to O2− and could be related to
oxygen atoms bonded to the metal, (i.e., Al2O3, Fe2O3, and SiO2 oxides) [6], whereas the
peaks at 531.6 and 533 eV are associated with single bonded and double-bonded oxygen
in FeCO3 [6,28]. A fourth peak was observed at 354.6 eV for the 300 steel and can be
attributed to the COO− of FeCO3. The C1s spectrum (Figure 10h,i) corroborated with
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the data observed for the O1s spectrum, which shows three peaks at 284.8, ~286.3, and
~288.5 eV. The 284.6 eV peak may correspond to secondary carbon [28], whereas the peaks
at ~286.3 are ~288.5 eV are attributed to the C–O and C=O bonds of FeCO3 [6]. As in the
case of the O1S spectrum, for the 300 steel, a fourth peak was observed at 289.8 eV, which
is characteristic of FeCO3 [29]. The deconvoluted Fe2p3/2 peaks (Figure 10j,k) could be
attributed to α-Fe2O3 or/and γ- Fe2O3 oxides [6,30], likely due to the partial decomposition
of iron carbonate (i.e., Equations (14)–(18)).

 
(a) 

  
(b) (c) 

  
(d) (e) 

Figure 10. Cont.
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(f) (g) 

  
(h) (i) 

  
(j) (k) 

Figure 10. XPS analysis carried out after 24 h of immersion. Survey (a), 200 steel (b,d,f,h,j) and
300 steel (c,e,g,i,k).
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Table 9. XPS analysis of sample surfaces after 24 h of immersion.

Peak
Assignment

200 300

Binding
Energy

(eV)
%Area

Binding
Energy

(eV)
%Area

C1s - 23.0 - 14.5
C–C,
C–H 284.8 47.5 284.8 52.4

C–O,
C–OH 286.5 35.2 286.3 24.5

C=O 288.7 17.3 288.5 14.2
CO2−

3 - - 289.8 8.9

Al2p - 12.0 - 14.5
Al2O3 74.7 85.8 74.7 72.6

AlOOH 77.5 14.2 77.3 27.4

Si2p - 4.6 - 7.2
SiOx 101.8 66.7 102.1 66.7

splitting 102.5 33.3 102.7 33.3

O1s - 53.7 - 54.0
O–Me 530 36.6 530.1 38.2
O–C 531.6 45.3 531.6 38.9
O=C 532.9 18.1 533.0 17.8
CO2−

3 - - 534.6 5.1

Fe2p - 5.7 - 8.3
Fe3+ 710.5 44.5 710.7 51.0
Fe3+ 713.2 15.2 714.0 15.3

satellite 717.6 13.2 718.6 9.7
- 723.9 22.2 724.0 19.1
- 726.7 4.9 726.5 4.9

The XPS analysis is in agreement with the EDS analysis (Table 8), indicating that the
corrosion products formed on both samples were mainly composed of Al2O3 and SiO2,
with traces of FeCO3/Fe2O3.

To study the micro-galvanic activities occurring at the grain boundaries and triple
junction on the metal surface, AM-KPFM measurements were carried out. AM-KPFM is
a powerful technique for assessing the Volta potential (ΔΨ) of a metal surface. The ΔΨ
is a characteristic property of the metal surface and can provide an insight into the local
electrochemical activities on the metal surface [31]. Figure 11 the topography and the
corresponding Volta potential maps of the two tested steels. The Volta potential maps
show darker color representing the anodic regions, whereas the lighter color representing
cathodic regions. The ΔΨ mapping clearly shows potential differences at grain boundaries
and triple junctions, indicating higher electrochemical activity in these regions. The grain
boundaries and triple junctions are characterized in the maps as lighter zones, thus rep-
resenting the cathodic areas and displaying a relative ΔΨ difference of circa +30 mV with
respect to the adjacent matrix. The results confirmed that these regions are more active com-
pared to the adjacent matrix, which makes them more susceptible to corrosion attack during
the exposure to electrolytes. Therefore, the grain refinement enhances the reactivity of the
surface, which could promote a preferential dissolution of the grains [7,8,11,12,14–16,18].
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(a) (b) 

 
(c) (d) 

Figure 11. AM-KPFM analysis of the steels with the topography and the corresponding Volta
potential map, respectively. Steel 200 (a,b); 300 (c,d).

4. Conclusions

The effect of the grain size on the corrosion behavior of two electric steels in pure
water saturated by CO2 can be summarized as follows:

• The gravimetric results indicated that the grain refinement decreases the corrosion
resistance of the steel.

• The EIS measurements showed that the coarse-grained sample displayed a higher
capacitive loop compared to fine-grained steel. This result is related to the formation
of a thicker and more stable protective corrosion product layer.

• The potentiodynamic measurements showed that the corrosion current density of the
coarse-grained steel was much smaller compared fine-grained steel. Both the anodic
and cathodic current densities were found to be lower for the coarse-grained steel.

• The SEM-EDS and XPS analyses confirmed presence of a thicker and more homoge-
nous protective layer on the coarse-grained steel, consisting mainly of Al2O3, SiO2,
and traces of FeCO3.

• The Volta potential measurements showed potential differences between the grains
and grain boundaries, indicating a higher electrochemical activity in these regions,
which would couse a preferential dissolution of grains.
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Abstract: Sub-zero treatment of Vanadis 6 steel resulted in a considerable reduction of retained
austenite amount, refinement of martensite, enhancement of population density of carbides, and
modification of precipitation behaviour. Tempering of sub-zero-treated steel led to a decrease in
population density of carbides, to a further reduction of retained austenite, and to precipitation
of M3C carbides, while M7C3 carbides precipitated only in the case of conventionally quenched
steel. Complementary effects of these microstructural variations resulted in more noble behaviour of
sub-zero-treated steel compared to the conventionally room-quenched one, and to clear inhibition of
the corrosion rate at the same time.

Keywords: ledeburitic steel; sub-zero treatment; microstructure; potentiodynamic polarisation;
corrosion resistance

1. Introduction

Chromium-vanadium (Cr-V) ledeburitic steels are widely used as materials for the
manufacturing of the powder compaction dies, seamless tube pilgering, press tools, paper
cutters, extruders, and metal cutting tools, because of the attractive combination of the
hardness, wear resistance, and toughness. Generally, these materials obtain their properties
through appropriate heat treatment. The standard heat treatment of Cr-V ledeburitic
tool steels is comprised of austenitizing, quenching, and double (or triple) tempering,
which results in a hardness of around 60 HRC, high compressive strength, excellent wear
resistance, and relatively good toughness when properly treated.

Sub-zero treatment (SZT) was introduced to the industries in the late 1950s. This kind
of treatment is defined as a process which is carried out at temperatures from 0 to −269 ◦C.
The main benefits of the SZT have been reported as elevated hardness [1–4], additional wear
resistance [2,3,5–11], and better dimensional stability [12]. In some cases, the toughness
and fracture toughness also manifested certain, but very limited, improvement [6,13].

The above-mentioned ameliorations originate from several sources. The latest investi-
gations arrived at general conclusions, finding that the application of SZT results in the
following four main microstructural changes [1,9,11,14–19]:

i. Sub-zero-treated materials contain significantly reduced retained austenite (γR)
amounts, as a result of isothermal and time-dependent martensitic transformation,
which takes place during the SZT.
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ii. The martensite of SZT steel is refined compared to that developed by conventional
room-temperature quenching.

iii. Sub-zero treatment leads to acceleration of precipitation of transient carbides during
either the re-heating to room temperature or short-term storage at room temperature.

iv. The last consequence of the SZT is the considerably enhanced number and pop-
ulation density of small globular carbides (SGCs). The formation of the SGCs at
cryogenic temperature is time-dependent and follows the reduction of the retained
austenite amount well.

The corrosion resistance is not commonly considered as a key property for tool ma-
terials. This is due to the fact that the dominant number of technological applications is
conducted in corrosion-friendly environments, or, if not, there exist surfacing techniques
(such as physical vapour deposition, for instance) through which a sufficiently high cor-
rosion resistance of tools can be ensured. Despite this, it might be desirable to keep at
least acceptable corrosion behaviour of tools made of Cr and Cr-V ledeburitic tool steels in
some applications, where, for instance, surface techniques fail for several reasons. These
applications may comprise industrial branches, such as mining, earth-handling, milling,
powder compaction, mineral processing, etc. Here, high processing reliability and sufficient
tools’ durability require materials with not only excellent wear performance but also with
at least acceptable corrosion resistance.

However, the characterisation of the effect of SZT on the corrosion behaviour of Cr
and Cr-V ledeburitic steels is almost completely lacking. There are only a few relevant
studies published on this topic, and the obtained results manifest clear inconsistency. Amini
et al. [20] reported on the worsened corrosion behaviour of 1.2080 grade (AISI D3) steel due
to the SZT in liquid nitrogen for 24–48 h. According to their consideration, the worsening
of corrosion resistance can be ascribed to the increased carbide percentage, which decreases
the number of solutionised chromium atoms in the martensite, as well as to the increased
martensite/carbide interfaces (galvanic cell areas). Hill et al. [21], on the contrary, recorded
an improvement of corrosion resistance of sub-zero-treated (−196 ◦C/15 min) X190CrVMo
20-4 ledeburitic steel when tested in 0.5 molar sulphuric acid solution.

The present study attempts to overcome the limitation of the lack of data on the
corrosion behaviour of sub-zero-treated ledeburitic tool steels. It describes the effects of
different sub-zero treatment temperatures (−75, −140, −196, and −269 ◦C) and tempering
regimes on the corrosion behaviour of Cr-V ledeburitic steel Vanadis 6. Conventionally
treated steel has been used as a reference. In addition, the relationships between the
microstructures, heat treatment parameters, and corrosion behaviour are presented and
thoroughly discussed.

2. Materials and Experimental Methods

2.1. Materials and Processing

The tool steel Vanadis 6, with chemical composition as shown in Table 1, was used for
the examinations.

Table 1. Chemical composition of the experimental steel.

Element (Mass %) C Si Mn Cr V Mo Fe

Content 2.1 1.0 0.4 6.8 5.4 1.5 balance

Specimens of the studied steel with a size of 20 mm × 20 mm × 7 mm were gradually
heated (step (1) in Figure 1) up to the austenitizing temperature of 1050 ◦C in a vacuum,
held there for 30 min (2), and quenched by nitrogen gas to room temperature (3). Then,
the specimens were divided to five batches. The first one was immediately subjected to
tempering treatment (7, 8). This treatment route is called conventional heat treatment,
CHT. Immediately after quenching, the other four sets were moved to the cryogenic
system, where they were cooled down at a cooling rate of 1 ◦C/min to a pre-determined
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SZT temperature (4). The SZTs were carried out at temperatures of −75, −140, −196, or
−269 ◦C, and for 17 h each (5). After that, the material was re-heated to room temperature,
at a heating rate of 1 ◦C/min (6). Immediately after re-heating, sub-zero-treated specimens
were subjected to tempering. Tempering was carried out at temperatures of 170, 330, 450,
or 530 ◦C, 2 times each, for 2 h (7, 8).

Figure 1. A schematic of the heat treatment schedules used.

2.2. Experimental Methods

The specimens for the microstructural examinations were mounted in conductive
resin, ground on silicon carbide papers up to 1600 grit, and then progressively polished
with 9, 3, and 1 μm diamond paste. The etchant used was 3% ethanol solution of picric
acid. The secondary electron (SE) micrographs were acquired with a JEOL JSM 7600
F (Jeol Ltd., Tokyo, Japan) high-resolution field emission scanning electron microscope
(SEM), operating at an acceleration voltage of 15 kV. The microstructural examinations
were coupled with semi-quantitative analysis of chemical composition of phases by using
energy-dispersive spectroscopy (EDS). The basis of the carbide particles’ classification and
the determination of their quantitative characteristics were elaborated on earlier, and are
demonstrated in recent papers [14,22]. In brief, the eutectic carbides (ECs) are vanadium-
based MC-particles, hence, they differ from the secondary M7C3-carbides (SCs) in terms
of their chemistry. Therefore, EDS analysis was used to differentiate between these two
carbide types. In order to differentiate between the small globular carbides (SGCs) and
other particles, a classification according to their size was used, and the particles smaller
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than 500 nm were then denoted as SGCs. For the determination of the population densities
of ECs, SCs, and SGCs, 25 randomly acquired SEM micrographs, at a magnification of
3000×, were used. Then, the mean values and standard deviations were calculated from
the obtained experimental data.

Semi-quantitative chemical composition of phases of sub-micron size (metallic ele-
ments only) and the microstructure of both the martensite and the austenite were examined
by transmission electron microscopy (TEM). Thin foils for TEM were prepared by section-
ing specimens, with a special saw, to obtain pieces with a thickness of 0.1 mm, which were
then ground mechanically on silicon carbide paper (1200 grit) to a thickness of approxi-
mately 0.02 mm. Final thinning was carried out using an electro-polisher Struers-Tenupol
5. A TEM JEM ARM 200 cF (Jeol Ltd., Tokyo, Japan) equipped with an energy-dispersive
spectroscopy (EDS) detector was used for acquisition of micrographs as well as for the
determination of phase compositions.

The phases in differently heat-treated specimens were identified from the X-ray diffrac-
tion (XRD) profiles by using a Phillips PW 1710 diffractometer. A filtered Coα1,2 charac-
teristic radiation, obtained at the voltage of 40 kV and current of 40 mA, has been used
for acquisition of diffraction line profiles, within a range of 37–130◦ of two-theta angles.
The analysis was coupled with Rietveld refinement of the X-ray line profiles. The retained
austenite amount was determined following the ASTM E975-13 standard [23].

Corrosion resistance studies were carried out by the potentiodynamic polarisation mea-
surements (TAFEL). The TAFEL measurements were completed by using the potentiostat-
galvanostat ATLAS 0531 EU (Atlas-Sollich, Rębiechowo, Poland) and IA ATLAS SOLLICH
(Atlas-Sollich, Rębiechowo, Poland). A platinum electrode was used as an auxiliary elec-
trode, while a calomel electrode was used as the reference electrode and tested specimens
as the working electrodes. The data were recorded by AtlasCorr (Atlas-Sollich, version 3.19)
and AtlasLab (Atlas-Sollich, version 2.24) computer software. After corrosion tests, the
tested specimens were examined by using SEM coupled with EDS.

Before testing, all the specimens were ground using metallographic emery papers
with a grit size up to 2000, and finally, were polished using 3 μm diamond slurry. Just prior
to measurements, the specimens were degreased in ethanol and warm air-dried. The 3.5 (in
mass %) NaCl water solution was prepared using distilled water and high-purity reagent
grade sodium chloride. Then, the solution was subjected to Ar gas bubbling for 30 min
in order to its deaerate. For the corrosion tests, the temperature of the solution was kept
constant at 22 ◦C.

The potentiodynamic polarisation measurements were carried out within the range of
potentials of −1.5 to 1.5 V, and at a scan rate of 1 mV/s.

The corrosion rate for each specimen was estimated according to the ASTM G 102-89
standard [24]. The calculation was based on the validity of the Faraday’s Law, and it
followed Equation (1):

CR = K1· icor

ρ
·EW (1)

where CR is the corrosion rate (mm/year), Icor is the current density (μA/cm2), ρ is the
specific density of the alloy (g/cm3), K1 = 3.27·10−3, (mm × g/μA × cm × year), and EW
is the equivalent weight of the experimental steel.

Equivalent weight, EW, represents the mass of metal, in grams, that will be oxidised by
the passage of one Faraday of electric charge. The value of EW of the experimental material
was calculated upon its known chemical composition, atomic weight of the major elements,
W, the most common valence of a particular element n, and as a reciprocal value of the sum
of the electron equivalents of all the major elements, Q, following Equations (2) and (3):

EW =
1

∑ ni · fi
Wi

(2)

272



Materials 2021, 14, 3759

Q = ∑
ni· fi
Wi

(3)

where fi is the mass percentage of the ith element in the alloy, Wi is the atomic weight of
the ith element in the alloy, and ni is the most common valence of the ith element of the
alloy. All the input data for the calculations are collected in Table 2. Additionally, it should
be noted that an assumption of corrosion uniformity was adopted in the present study, in
order to simplify the considerations.

Table 2. The mass percentage, f, atomic weight, W, most common valance, n, electron equivalents of
the main elements in the Vanadis 6 steel, Q, and calculated electron equivalent of the steel, Qtotal, as
well as its equivalent weight, Ew.

Element f (Mass %) W (g) n (-) Q = (n × f )/W

C 2.1 12.0107 4 0.699376389

Si 1.0 28.0855 4 0.142422246

Mn 0.4 54.9380 2 0.014561857

Cr 6.8 51.9961 3 0.392337118

Mo 1.5 95.9400 6 0.093808630

V 5.4 50.9415 5 0.530019729

Fe 82.8 55.8450 3 4.448025786

Qtotal 6.320551755

EW 15.821403555

In order to analyse the differences in nobility between the carbides and matrix, the
Kelvin probe force microscopy (KPFM) has been adopted. This technique enables to
distinguish between local potentials of different phases, at the sub-micron level. Hence, it
is suitable for analysing fine-grained PM ledeburitic steels. The analyses were performed at
The University of Manchester, Department of Materials Corrosion, by using a Multimode 8
instrument (Bruker), in the amplitude modulated mode. The imaging parameters were
the following: 50 × 50 μm scans, potential maps obtained from a 50 nm lift height, using a
0.3 Hz scan rate, 512 points per line, 256 lines, and height images obtained using 100 nm
peak force amplitude.

3. Results

3.1. Microstructure

SEM images (Figure 2) show the microstructures of the Vanadis 6 steel obtained by the
conventional quenching and by different sub-zero treatments. The steel after conventional
room temperature quenching is composed of martensitic matrix with the presence of a
relatively large retained austenite amount, and of three carbide types (Figure 2a). The
carbides are, according to the classification reported in [14]: eutectic carbides (ECs), sec-
ondary carbides (SCs), and small globular carbides (SGCs). The character of the matrix
microstructure does not change significantly with the application of sub-zero treatment, at
the magnification used for the SEM observations (Figure 2b–e). The formations of retained
austenite become almost invisible after SZT, due to the significant reduction of γR amount
due to this kind of treatment. Alternatively, sub-zero-treated steel differs from that after
CHT in terms of the number and population density of carbide particles (compare the SEM
micrograph in Figure 2a with micrographs in Figure 2b–e). This concerns mainly the SGCs:
the population density of these particles is much higher after SZT, while the SZT does not
alter the population densities of ECs and SCs, as demonstrated recently [4,13,19].
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Figure 2. Scanning electron microscopy (SEM) micrographs showing the microstructure of Vanadis
6 ledeburitic steel after conventional room temperature quenching (a) and after SZT at −75 ◦C (b),
−140 ◦C (c), −196 ◦C (d), and −269 ◦C (e).

Figure 3 summarizes the population densities of SGCs, which were obtained by
different combinations of SZT and tempering. It is shown that the tempering after CHT
does not influence the population density of these particles, while the tempering after
SZT makes their population density lower than that obtained by SZT without tempering.
Despite this fact, the population density of SGCs is much higher than what can be obtained
by CHT and tempering. It is also shown that the application of SZT at −140 ◦C acts
in the most effective way in the enhancement of the SGCs population density, and the
population densities obtained by other sub-zero treatments are much lower at equal
tempering temperatures.

Figure 4 shows the TEM images of specimens after CHT and after CHT with sub-
sequent SZT at −196 ◦C. CHT produces a needle-like martensitic microstructure with a
relatively large amount of retained austenite. The width of martensitic needles is typically
in the range of 100–200 nm (Figure 4a). The retained austenite formations are located at
the interfaces of martensitic domains. Their width range is much wider than that of the
martensite: some of the austenite formations have a width of a few tens of nanometres,
while others are much greater, as illustrated in Figure 4b. The presence of γR is confirmed
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by diffraction patterns in Figure 4c. The martensite produced by SZT manifests consid-
erable refinement compared to that developed by CHT. The typical width of martensitic
domains ranges between 50 and 150 nm (Figure 4d). It is also shown here that the size
of the martensitic domains manifests a great level of variability—there are some coarser
domains visible in the micrograph, while in some sites, the domains are much smaller.
A much higher amount of dislocations are generated within the martensite, as a result of
plastic deformation that takes place during the isothermal hold at cryotemperatures. The
retained austenite amount is significantly reduced by application of SZT. Additionally, the
size of γR formations is much smaller compared to the state after CHT (Figure 4e). The
presence of retained austenite at the interfaces of martensitic domains is confirmed by
diffraction patterns in Figure 4f.

Figure 5 shows X-ray diffraction spectra obtained on the conventionally quenched
specimen and on specimens with SZT at −140 and −269 ◦C. All the spectra contain the
peaks of the martensite, retained austenite, and major carbides. In the diffraction profile of
the CHT specimen, there are the peaks of (111)γ, (200)γ, (220)γ, and (311)γ, all well-visible.
On the other hand, the last two peaks disappear almost completely from the XRD spectra
of SZT steel, suggesting a significant reduction of retained austenite amounts after this
kind of treatment.

Figure 3. Population density of small globular carbides (SGCs) for differently sub-zero treated (SZT) specimens as a function
of tempering temperature: (a) conventional heat treatment (CHT), (b) SZT −75 ◦C, (c) SZT −140 ◦C, (d) SZT −196 ◦C,
(e) SZT −269 ◦C.
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Figure 4. Transmission electron microscopy (TEM) micrographs of the CHT specimen (a–c) and the
specimen that was subjected to SZT at −196 ◦C (d–f). (a) Bright-field image showing martensitic
needle microstructure with retained austenite at needle interfaces, (b) corresponding dark-field
image showing the retained austenite, (c) diffraction patterns of the retained austenite, (d) bright-
field image showing martensitic microstructure with a small amount of retained austenite at the
interfaces of martensitic domains, (e) corresponding dark-field image, (f) diffraction patterns of the
retained austenite.

Variations in the retained austenite amounts for CHT steel, and for steel samples
subjected to different SZTs, as a function of tempering temperature are summarised in
Figure 6. It is shown that the application of SZT reduces the γR amount to one tenth—
one fourth compared to the state after room-temperature quenching. Tempering at low
temperatures does not influence the γR amounts. Alternatively, tempering in the secondary
hardening temperature range evokes almost complete retained austenite decomposition in
the case of CHT steel. The application of SZT, in addition, accelerates the decomposition of
γR. Therefore, the amounts of metastable retained austenite lie below the detection limit
of XRD after tempering at 450 ◦C and higher, in the case of the steel SZT in either liquid
nitrogen or in liquid helium.
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Figure 5. X-ray diffraction spectra of CHT steel and steel after SZT at −140 and −269 ◦C.

Figure 6. Retained austenite amounts for different SZT specimens, as a function of tempering
temperature: (a) CHT, (b) SZT −75 ◦C, (c) SZT −140 ◦C, (d) SZT −196 ◦C, (e) SZT −269 ◦C.
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A detailed description of the precipitation behaviour of differently sub-zero-treated
Vanadis 6 steel exceeds the scope of the present paper. This topic has been extensively stud-
ied recently, and the main results can be summarised as follows: Application of sub-zero
treatments evokes acceleration of precipitation of transient M3C carbide at low tempering
temperatures [19,25]. In CHT steel, the M7C3 phase precipitates during tempering within
the secondary hardening temperature range, while the precipitation of M7C3 is inhibited
in the case of SZT steel, and only growth of M3C particles takes place.

3.2. Corrosion Behaviour

Figure 7 summarizes the potentiodynamic curves of CHT specimen and specimens
after different SZTs, in un-tempered state. The specimens with SZT at −140 ◦C manifest
the highest corrosion potential (Ecorr) (the most anodic), and the Ecorr decreases in the order:
steel SZT at −269 ◦C, SZT at −75 ◦C, SZT at −196 ◦C, and CHT steel. This suggests that the
SZT lowers the steel tendency towards oxidation, and the most convenient SZT temperature
for lowering the oxidation tendency was found to be −140 ◦C. Additionally, the pitting
potentials, Epit, are shifted to the more anodic values (see also Table 3), indicating slightly
better resistance of SZT steel to the stable pitting corrosion. As follows from the values
of corrosion current, Icorr (Table 3), the CHT specimens manifest the highest corrosion
rate, and the corrosion rate (dissolution) decreases in the order: SZT at −75 ◦C, SZT at
−269 ◦C, SZT at −196 ◦C, and SZT at −140 ◦C. These results indicate that the application
of SZT improves the corrosion resistance of the Vanadis 6 steel in the prior-to-tempering
material state.

Figure 7. Potentiodynamic polarisation curves of CHT and different SZT specimens in un-tempered state.

The potentiodynamic curves of CHT steel in un-tempered state as well as in the states
after different tempering treatments are shown in Figure 8. The un-tempered specimen
manifests the highest corrosion potential (Ecorr), and the Ecorr decreases with the increasing
tempering temperature. This indicates that the tempering treatment deteriorates the re-
sistance of conventional room-temperature-quenched Vanadis 6 steel against oxidation in
3.5% water solution of NaCl. The variations in the pitting potentials, Epit (see also Table 4),
do not manifest a clear tendency with respect to the level of tempering temperature. The
specimens treated at either low (170 ◦C) or high (530 ◦C) tempering temperatures mani-
fest more anodic behaviour as compared with un-tempered steel. Conversely, the pitting
potentials, Epit, of specimens tempered at intermediate temperatures indicate higher sus-
ceptibility to the stable pitting corrosion. The corrosion current, Icorr (see also Table 4), does
not manifest significant changes after tempering at 170 ◦C. However, it raises rapidly after
tempering at 330 ◦C and higher, suggesting that the corrosion rate of the material increases
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dramatically. In other words, tempering treatment induces considerable worsening of the
corrosion resistance of CHT Vanadis 6 steel.

Table 3. Corrosion current, Icorr, corrosion potential, Ecorr, and pitting potential, Epit, values acquired
from corrosion tests in 3.5 mass % NaCl water solution, for CHT and different SZT specimens in the
prior-to-tempering state.

Heat Treatment Icorr (A·cm−2) Ecorr (V) Epit (V)

CHT, un-tempered 1.54 × 10−7 −0.964 −0.264

SZT −75 ◦C, un-tempered 9.82 × 10−8 −0.903 −0.026

SZT −140 ◦C, un-tempered 1.02 × 10−8 −0.878 −0.221

SZT −196 ◦C, un-tempered 4.41 × 10−8 −0.956 −0.188

SZT −269 ◦C, un-tempered 4.82 × 10−8 −0.901 −0.179

Figure 8. Potentiodynamic polarisation curves of CHT Vanadis 6 steel in un-tempered state and in
the states after different tempering treatments.

Table 4. Corrosion current, Icorr, corrosion potential, Ecorr, and pitting potential, Epit, values acquired
from corrosion tests in 3.5 mass % NaCl water solution, for CHT and differently tempered specimens.

Heat Treatment Icorr (A·cm−2) Ecorr (V) Epit (V)

CHT, un-tempered 1.54 × 10−7 −0.964 −0.264

CHT, tempered at 170 ◦C 1.21 × 10−7 −0.990 −0.189

CHT, tempered at 330 ◦C 1.74 × 10−6 −1.031 −0.283

CHT, tempered at 450 ◦C 2.32 × 10−6 −1.035 −0.395

CHT, tempered at 530 ◦C 2.49 × 10−6 −1.072 −0.142

Potentiodynamic curves of the steel that was subjected to sub-zero treatment at
−140 ◦C, un-tempered and tempered at different temperatures, are shown in Figure 9. The
Ecorr decreases with tempering (in a similar way to CHT steel, see Figure 8). However,
it is also obvious that the values of Ecorr (for the same tempering regimes) are shifted to
higher potentials, suggesting that the SZT improves the resistance of the Vanadis 6 steel
towards oxidation, not only in un-tempered state, but also after tempering treatments. The
pitting potentials, Epit (see also Table 5), are practically the same for differently tempered
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specimens, indicating almost no effect of tempering on the steel susceptibility to the pitting
corrosion with SZT at −140 ◦C. The Icorr follows a very similar tendency to what was
recorded for CHT steel. However, it is obvious (see also Table 5) that the values of Icorr
are lower than what was recorded for the CHT steel tempered at the same temperatures.
It should be noted that similar variations in corrosion characteristics were recorded for
other SZTs. One can thus surmise that the SZT makes an overall amelioration of corrosion
behaviour of the Vanadis 6 steel when tested in the 3.5 mass % NaCl water solution.

Figure 9. Potentiodynamic polarisation curves of Vanadis 6 steel subjected to SZT at −140 ◦C, in
un-tempered state and in the states after different tempering treatments.

Table 5. Corrosion current, Icorr, corrosion potential, Ecorr, and pitting potential, Epit, values acquired
from corrosion tests in 3.5 mass % NaCl water solution, for specimens after SZT at −140 ◦C and
different tempering regimes.

Heat Treatment Icorr (A·cm−2) Ecorr (V) Epit (V)

SZT −140 ◦C, un-tempered 1.02 × 10−8 −0.878 −0.221

SZT −140 ◦C, tempered at 170 ◦C 5.17 × 10−8 −0.902 −0.219

SZT −140 ◦C, tempered at 330 ◦C 1.13 × 10−7 −0.930 −0.232

SZT −140 ◦C, tempered at 450 ◦C 1.88 × 10−7 −0.948 −0.230

SZT −140 ◦C, tempered at 530 ◦C 2.52 × 10−7 −0.961 −0.198

Figure 10 shows the potentiodynamic polarisation curves for the CHT steel specimen
and steel specimens after SZT at −75, −140, −196, and −269 ◦C, after tempering at 530 ◦C.
As shown, the corrosion potential of SZT specimens is higher (more anodic) as compared to
the material state after CHT. Further, it is evident that the SZTs at −75, −140, and −269 ◦C
produced higher Ecorr than the treatment at −196 ◦C. The pitting potentials, Epit (see also
Table 6), on the other hand, are shifted to the more cathodic values. This suggests that the
application of SZTs provides the examined steel with higher susceptibility to the stable
formation of pitting, in the state after tempering at 530 ◦C. The variations of corrosion
current well-follow the changes in Ecorr: the samples after CHT have the highest dissolution
rate (the highest Icorr), and the Icorr decreases in the order of SZT −196 ◦C, SZT −75 ◦C,
SZT −140 ◦C, and SZT −269 ◦C. Here, a very important finding is that the tendency of the
corrosion behaviour improvement, due to the SZT, is partly maintained after tempering at
temperatures normally used for the secondary hardening.
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Figure 10. Potentiodynamic polarisation curves of CHT Vanadis 6 steel, and Vanadis 6 subjected to
different SZTs, after tempering at 530 ◦C.

Table 6. Corrosion current, Icorr, corrosion potential, Ecorr, and pitting potential, Epit, values acquired
from corrosion tests in 3.5 mass % NaCl water solution, for CHT and different SZT specimens, after
tempering at 530 ◦C.

Heat Treatment Icorr (A·cm−2) Ecorr (V) Epit (V)

CHT, tempered at 530 ◦C 2.49 × 10−6 −1.072 −0.142

SZT −75 ◦C, tempered at 530 ◦C 4.61 × 10−7 −0.952 −0.262

SZT −140 ◦C, tempered at 530 ◦C 2.52 × 10−7 −0.961 −0.198

SZT −196 ◦C, tempered at 530 ◦C 1.27 × 10−6 −1.065 −0.372

SZT −269 ◦C, tempered at 530 ◦C 1.70 × 10−7 −0.975 −0.145

Figure 11 provides an overview of the dependence of the corrosion rate on the temper-
ing temperature for CHT specimens and for the specimens that were subjected to different
SZTs. There are two main tendencies apparently shown. The first one is that the tempering
treatment accelerates the corrosion rate (CR), and the higher the tempering temperature,
the more accelerated the CR. The second general tendency is that SZTs retard the CR, and
that the SZTs at −140 and −269 ◦C act most effectively in this way.

The surfaces after the potentiodynamic measurements of differently heat-treated spec-
imens are presented in Figure 12. It is shown that the carbide/matrix boundaries are
preferentially attacked by corrosion. This mainly concerns the boundaries between coarser
eutectic and secondary carbides, as they differ from the matrix in terms of their chemistry.
The M7C3 carbides (secondary carbides, SCs), for instance, contain 37.2 ± 0.8 mass % of Cr,
46.4 ± 0.5 mass % of Fe, and 12.7 ± 0.3 mass % of V (there are only metallic elements consid-
ered). The eutectic MC carbides are formed mainly by vanadium (73.6 ± 0.9 mass %), but
they also contain limited amounts of chromium (9.4 ± 0.5 mass %) and iron (0.8 ± 0.1 mass %).
On the other hand, the chromium content in the matrix is around 5.5 mass % only, and that of
vanadium is correspondingly much lower (up to 1%). The steel also contains small globular
carbides, after SZT in particular, see Figure 3. SEM micrographs in Figure 12c,d clearly
delineate that the boundaries between SGCs and matrix are less intensively attacked by
corrosion; alternatively, they remain well-embedded in the matrix and assist to lower the
corrosion rate at the sites where they are present in sufficiently high amounts.
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Figure 11. Corrosion rate in dependence on tempering temperature for CHT specimens and for
specimens after application of different SZTs.

Figure 12. SEM micrographs showing the surfaces after the potentiodynamic polarisation measurements,
CHT (a), CHT + tempering at 530 ◦C (b), SZT at −140 ◦C (c), SZT at −140 ◦C + tempering at 530 ◦C (d).
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The SEM image in Figure 13 presents the corrosion-attacked specimen that was
subjected to the SZT at −140 ◦C. The same features as in Figure 12 are visible. This mainly
concerns the behaviour of different carbides. These carbides are highlighted in EDS maps
of chromium (SCs) and vanadium (ECs). The other EDS maps (chlorine, oxygen, sodium)
clearly demonstrate that the corrosion-exposed surface is covered by products of this
process. However, it is also seen that the corrosion products’ layer is not uniform. While
the matrix is fully covered, the carbides are attacked by the corrosion environment to a
much lower extent.

Figure 13. SEM micrograph showing the surface of the specimen that was subjected to the SZT at −140 ◦C, after the
potentiodynamic polarisation measurements, and corresponding EDS maps of Cr, V, Na, Cl, and O.

Figure 14 shows the topography and work function mapping of the phases on the
clean surface of the examined steel specimen that was sub-zero-treated at −140 ◦C. The
white spots on the topography image, in Figure 14a, correspond to the carbide particles.
The corresponding work function map in Figure 14b undoubtedly confirms that these sites
have higher potential than the matrix. The difference is almost fully consistent through
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the whole measured area, and is about 50–60 mV. In other words, these measurements
indicate a more noble behaviour of carbides than the mixture of the martensite and retained
austenite (matrix microstructure).

Figure 14. KPFM images of the examined steel sample that was subjected to the SZT at −140 ◦C. (a) Topography and
(b) work function mapping. Image size 50 × 50 μm2.

4. Discussion

The obtained results infer that the corrosion resistance of the Vanadis 6 steel is gener-
ally improved by the application of sub-zero treatments. Additionally, it was demonstrated
that ameliorations in corrosion behaviour are maintained after tempering treatment, even
though the tempering generally deteriorates the corrosion behaviour. The mentioned
variations in corrosion behaviour are the topic of the following discussion.

It has been summarised recently [26] that the application of SZTs evokes a significant
reduction of retained austenite amount, refines the martensite, induces an acceleration
of the precipitation rate of transient carbides, and produces an enhanced number and
population density of small globular carbides.

4.1. Retained Austenite Amount and Characteristics

The first factor that makes a clear difference in microstructures of SZTs Vanadis 6
steel and the CHT material is the retained austenite amount. Figures 4 and 6 provide
clear evidence on the reduction of this phase in SZT steel, by 70–90%, depending on the
temperature of SZT. The mentioned results appear counterintuitive with regard to the
corrosion behaviour of the steel at the first glance because it has been experimentally proven
that the austenite manifests a more noble behaviour than the ferrite (or martensite) [27–29].
The more noble behaviour of the austenite was attributed to a weaker internal stress
state and to lower amounts of defects in the gamma phase compared to either ferrite or
martensite [30].

However, it was demonstrated recently that sub-zero treatment evokes an introduction
of high compressive stresses into the retained austenite of different steels [4,31], due to the
combined effect of different thermal expansions of the austenite and the martensite, and to
the volumetric effect of the martensitic transformation.

Beneficial effects of compressive residual stresses in the γR on the corrosion resistance
can be assumed based upon the obtained results of recent investigations. Peyre et al. [32],
for instance, reported increased corrosion performance of the AISI 316L austenitic stainless
steel, as a result of compressive stresses that were introduced into the surface by either laser-
or shot-peening. Takakuwa and Soyama [33] investigated the effect of various surface
finish techniques (and thereby different stress level) on the corrosion resistance of the
same steel grade in 5 mass % aqueous solution of H2SO4, and they arrived at very similar
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findings. Moreover, they claimed that the principal explanation of improved corrosion
behaviour may be based on the fact that the reduction of interatomic spacing due to the
compressive stress on the surface facilitates the growth and maintenance of the passivation
film. It is also interesting to note that the introduction of compressive stresses enhances
the corrosion behaviour not only for ferrous alloys, but, for instance, also for aluminium
alloys [34]. Therefore, one can conclude that the high state of compression in the retained
austenite contributes to the overall improvement of corrosion resistance of SZT Vanadis 6
steel, even though the γR amount was significantly reduced by this kind of treatment.

4.2. Microstructure of the Martensite

Refinement of martensitic domains is the second main consequence of SZT. At the
beginning, it should be mentioned that the martensitic transformation that takes place
in SZT can be divided into two components: (i) the diffusion-less component that takes
place during continuous cooling down from the austenitizing temperature, and (ii) the
isothermal component that occurs during the hold at the cryotemperatures. As reported
recently [26], the refinement of martensite concerns only the second component, due to
spatial limitation effects in the growth of the martensite as well as the result of slow plastic
deformation of virgin martensite.

The effect of martensitic domain size on the corrosion behaviour of complex-phase
ledeburitic tool steels can only be roughly judged. First, the size of martensite can only be
estimated by viewing the TEM micrographs. More exact quantification of this parameter
fails, often due to the very small transparent area on thin foils. Additionally, it is clear
that the area fraction of refined martensite has a maximum of 17–18%, depending on the
extent of the retained austenite reduction due to the particular SZT regime, as illustrated in
Figure 7. However, it is logical that the martensitic domains’ boundary density is increased
when the domains become smaller, meaning that more domains’ boundaries are present
per unit volume. The boundaries of martensitic domains (laths, plates, or needles) will
have higher energy levels, as compared to the bulk of the domains, and thereby the finer
martensite is expected to be more corrosion-active as compared to the coarse one. Here, it
should also be underlined that the refinement of domains concerns only a minor part of
the martensite (the isothermally formed one, as mentioned above), and the unfavourable
effect of the refinement of martensitic domains on the corrosion performance of SZT steel
is hereby significantly reduced.

A clear difference between the martensite produced via CHT and that developed by
SZT was seen at the lattice tetragonality level. It is commonly accepted that SZTs reduce
the tetragonality of the martensitic lattice of different steels, such as AISI D2 [35] or Vanadis
6 [25]. A logical interpretation is that carbon clusters are formed at dislocations in the
martensite during the hold at the cryotemperatures, and that SZT induces an acceleration
of precipitation of transient nano-sized cementite particles [14,19]. The carbon atoms in
clusters as well as those in precipitates can essentially not contribute to the tetragonality of
the martensitic lattice. The carbon content in the martensite of CHT steel was estimated,
considering the austenitizing temperature of 1050 ◦C, carbon contents in major carbides
MC and M7C3 [36], and the level of their dissolution in the austenite at given TA [22], to be
at around 1.3 wt %. One can expect that the solutionised amount of carbon atoms in the
martensite of the steel after SZTs would be correspondingly lower.

Even though a lot of research has been done about the understanding of metallurgical
aspects of corrosion behaviour of different steels, only little attention has been paid to the
effect of different carbon contents in the martensite, at medium chromium contents, on the
corrosion resistance of ferrous materials. There are only two studies devoted to this topic.
In the first one, Gulbrandsen et al. [37] reported that the corrosion rate decreased slightly
as the carbon content in the martensite rose from 0.095 to 0.12 mass %. In the second study,
de Waard et al. [38] established that the addition of up to 2 mass % Cr decreases the effect
of carbon content in the martensite on the corrosion resistance to an insignificant level.
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However, the Cr content in the matrix of Vanadis 6 steel is at around 5.5 mass % after
austenitizing at 1050 ◦C and quenching, and the results obtained by Gulbrandsen et al. [37]
and by de Waard et al. [38] are hardly comparable with the current ones from this point of
view. Nevertheless, one can assume a much stronger effect of Cr on the corrosion perfor-
mance of steels than that caused by carbon (considering the results of de Waard et al. [38],
for instance); hence, one can expect almost “no effect” of reduced amounts of carbon atoms
solutionised in martensite on the corrosion resistance at 5.5 mass % Cr.

4.3. Enhanced Number of Small Globular Carbides

The role of enhanced number and population density of SGCs in the corrosion be-
haviour of examined steel seems to be a controversial issue. It has been reported in many
scientific papers that the presence of carbides, inclusions, or precipitates has a detrimental
effect on the corrosion resistance, since there are microelectrochemical cells formed at the
carbide/matrix interfaces [39,40]. This was reaffirmed by many authors for ledeburitic
steels containing lamellar eutectic mixtures [41], high chromium white-cast irons [42–46],
and for Fe-C alloys containing lamellar pearlite [46].

It is obvious from Figures 2 and 3 that SZT increases the amount and population
density of small globular carbides. On the other hand, the amounts and population
densities of eutectic (ECs) and secondary carbides (SCs) are not affected by SZTs [14]. In
Figure 12, it is shown that the areas around the coarser ECs and SCs manifest more distinct
corrosion attacks compared to the areas around the SGCs. In addition, it appears that the
areas with higher amounts of these small particles undergo corrosion to a lesser extent
than the matrix with no presence of SGCs.

Potentiodynamic curves in Figures 7 and 10, and the data in Table 3, provide clear
information on the shift of corrosion potential of SZT specimens to higher (more anodic)
values, and show that the dissolution rate (corrosion current, Icorr) decreases with the
application of SZTs.

For the explanation of “unexpected” ameliorations of corrosion behaviour of SZT steel,
it should first be noted that the carbides in experimental materials used in [41–47] were
formed either by the eutectic solidification or by the eutectoid decomposition of the austen-
ite, i.e., at high temperatures where diffusion is possible. Hence, an extensive partitioning
of carbon and alloying elements between carbides and solid solutions occurred, which
resulted in considerable differences in chemistry between these phases. As a consequence,
the galvanic corrosion occurred on the materials’ surfaces due to the difference in corrosion
potentials between the carbides and matrix. In the corrosion process, the carbides have a
much nobler corrosion potential than the matrix (solid solutions), and hence act as cathodes
in galvanic corrosion cells [45]. This is the case of ECs and SCs in the current experimental
work. As mentioned above, however, these two carbide types are not influenced by the
SZTs, and hence their contributions to the corrosion behaviour can be expected to be invari-
ant to the heat treatment route used. Alternatively, it has been experimentally proven that
the SGCs are formed during the hold of the steel at the cryotemperature [1,4,14], where the
partitioning of carbon and alloying elements is very limited as there is only little atomic
movement at such a low temperature. These particles are a by-product of a more complete
martensitic transformation [48]. Additionally, it was indicated that the temperature of
−140 ◦C provides the best balance between the plastic deformation rate of virgin martensite
during the isothermal hold of the steel at the cryotemperature and the transformation rate
of retained austenite (also takes place at the cryotemperature). Therefore, it is also logical
that the presence of SGCs has the most beneficial effect on corrosion behaviour in the case
of the steel treated at −140 ◦C.

The TEM micrograph in Figure 15a shows different carbides, i.e., the ECs, SCs, and
SGCs, in martensitic matrix. In corresponding EDS maps of chromium (Figure 15b) and
vanadium (Figure 15c), and also in Table 7, it is shown that the ECs (marked by number
2, and other dark particles) contain much more vanadium than the matrix (marked with
number 6). Additionally, it is shown that the SCs differ from the matrix by significantly
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enhanced chromium content (particle with number 1 as well as two carbides on the right
side of the image). On the other hand, the particles numbered 3 and 5 do not manifest
any significant partitioning of alloying elements, suggesting that they were formed under
diffusion-less conditions.

Figure 15. TEM micrograph showing the carbides in martensitic matrix of the specimen after
quenching followed by SZT at −140 ◦C (a), EDS map of Cr (b), EDS map of V (c). The sites of
semi-quantitative EDS measurements are labelled and numbered in the TEM image (a).

Table 7. Recorded values of EDS measurements from sites in Figure 16a.

Site No.
Chemical Composition (mass %)

Si V Cr Fe Mo

1 - 12.8 37.8 47.1 2.3

2 - 73.4 17.7 8.9 -

3 0.5 0.5 5.4 92.4 1.2

4 0.2 16.2 7.4 74.8 1.4

5 0.5 0.7 5.7 91.6 1.5

6 0.5 0.6 5.6 92.4 0.9

Therefore, enhanced amount and population density of carbides may not inevitably
lead to increasing the overall area ratio of anode (carbides) to cathode (matrix). In addition,
an opposite effect can occur, where increased carbides/matrix surface area ratio may
contribute to the retardation of corrosion since a more stable protective film on the surface
of these carbides can be formed. Experimental investigations of the effect of cementite
on the corrosion resistance of carbon steel provided a good example of a much nobler
response of cementite on corrosion attacks and confirmed improved corrosion behaviour
of the material when coated with Fe3C [49].
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Figure 16. A schematic of the corrosion attack of the Vanadis 6 steel: before testing (a), after testing, CHT steel (b), SZT
steel—overview (c), detail from (d).

4.4. Precipitation of Carbides

The last difference between the material state after CHT and that after SZTs is an
accelerated precipitation rate of nano-sized carbides. According to recent studies [28,50],
the precipitation of the Cr-rich M23C6 carbides during tempering is considered to induce
Cr-depleted zones around them, and thereby retards the formation of a protective passive
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film on the steels’ surfaces. On the other hand, the precipitation of M3C carbides with
similar Cr content as the matrix has a less detrimental effect on the growth of protective
films [28].

For the Vanadis 6 steel, it has been demonstrated recently that the SZT accelerates
the precipitation rate of transient cementitic carbides at low tempering temperatures, but
these treatments suppress the precipitation of stable M7C3 phase during tempering in the
secondary hardening temperature range [19,25].

Figures 8 and 9 show that the corrosion potential, Ecorr, decreases with increasing
tempering temperature for CHT steel, as well as for the steel which was subjected to the
SZT at −140 ◦C. It should be mentioned here that the potentiodynamic measurements of
specimens subjected to other regimes of SZT (−75, −196, and −269 ◦C) provided simi-
lar qualitative results. Additionally, it is shown (Table 4) that the corrosion current, Icorr,
increases rapidly with the tempering, which is clearly reflected in the corrosion rate of
different SZT specimens (Figure 11). The mentioned changes in corrosion behaviour char-
acteristics can be ascribed to the precipitation of different carbides and the corresponding
changes in the matrix. Only cementitic particles were found in the experimental steel
after tempering within the low-tempering temperature range [19,25]. The precipitation
of M3C does not evoke the Cr depletion of the matrix as the M3C contain only very low
chromium amount. The only factor that increases the corrosion may be the higher num-
ber of activated sites by forming large amounts of M3C/matrix boundaries. Increased
tempering temperature leads to precipitation of M7C3 particles in the case of CHT spec-
imens, which reduces the number of solutionised Cr atoms in the microstructure and
thereby considerably deteriorates the corrosion characteristics. Instead, the precipitation
of M7C3 carbides was not evidenced after SZTs, and the only consequence of the temper-
ing treatment is the increase in the number of M3C particles and their coarsening [19].
Hence, the corrosion characteristics of SZT Vanadis 6 steel are less negatively influenced by
high-temperature tempering.

Based on the obtained results, the possible corrosion mechanism of the Vanadis 6
steel in 3.5% NaCl water solution could be delineated. As mentioned above, the steel
contains ECs (vanadium-rich, MC), SCs (chromium rich, M7C3), and certain but very
limited amounts of SGCs (Figure 16a). During the corrosion tests, both the ECs/matrix
and SCs/matrix interface types are extensively attacked by the corrosion environment, and
the carbides are extracted from the surface, which enhances further corrosion (Figure 16b).
Additionally, the matrix is considerably attacked by corrosion in this case, as Figure 12a
illustrates, and the specimen surface manifests significantly enhanced roughness.

Conversely, the examined steel contains considerably enhanced population density of
SGCs after an application of SZTs. The SGCs/matrix interfaces are attacked less extensively
by the corrosion environment (Figures 12c and 16c). Moreover, the area percentage of
carbides increases at the same time by the application of SZTs. The carbides manifest more
noble behaviour than the matrix (Figure 14), and these particles are less covered by the
corrosion products (Figure 13). The resulting effect is that the corrosion rate of the SZT
specimens is lowered (Figure 11), implying that the application of SZT generally improves
the corrosion resistance of the Vanadis 6 steel in 3.5% NaCl water solution.

5. Conclusions

The microstructural changes in Cr-V ledeburitic steel Vanadis 6 with different sub-
zero treatments and tempering were investigated using SEM, TEM, and X-ray diffraction.
The corresponding changes in corrosion resistance in a 3.5% water solution of NaCl were
studied by potentiodynamic polarisation tests, calculation of the corrosion rate, and by
analysis of attacked surfaces by SEM.

The following conclusions can be expressed from the present study:

1. The austenitizing at 1050 ◦C for 30 min followed by nitrogen gas quenching pro-
duced the microstructure composed of needle-like martensite, retained austenite, and
undissolved carbides.
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2. Application of sub-zero treatments considerably reduced the retained austenite
amount, refined the martensite, enhanced the number and population density of
small globular carbides, and modified the precipitation behaviour of nano-sized
carbides. The retained austenite amount decreased with the increasing tempering
temperature, and it was reduced to values below the detection limit of X-ray diffrac-
tion after tempering at 530 ◦C. Additionally, the number and population density of
small globular carbides decreased with tempering in sub-zero-treated steel.

3. In the un-tempered state, the application of sub-zero treatments increased the corro-
sion potential of the material and inhibited the dissolution. Additionally, sub-zero
treatments made the passive films on the surface more stable. These phenomena were
most pronounced in the case of the steel treated at −140 ◦C.

4. Tempering treatment evoked a shift of the corrosion potential to lower values, and
at the same time, the corrosion current (dissolution rate) to higher values. For equal
tempering temperatures, however, sub-zero-treated steel manifested better corrosion
behaviour.

5. The coarse carbide/matrix interfaces were preferentially attacked by corrosion, which
resulted in the extraction of these particles, and thereby enhanced corrosion. However,
the corrosion attack of the small globular carbides/matrix interfaces was very limited,
which significantly contributed to the improvement of the corrosion behaviour of
sub-zero-treated material.
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Abstract: The effect of CO2 partial pressure on the corrosion inhibition efficiency of gum arabic (GA)
on the N80 carbon steel pipeline in a CO2-water saline environment was studied by using gravimetric
and electrochemical measurements at different CO2 partial pressures (e.g., PCO2 = 1, 20 and 40 bar)
and temperatures (e.g., 25 and 60 ◦C). The results showed that the inhibitor efficiency increased
with an increase in inhibitor concentration and CO2 partial pressure. The corrosion inhibition
efficiency was found to be 84.53% and 75.41% after 24 and 168 h of immersion at PCO2 = 40 bar,
respectively. The surface was further evaluated by scanning electron microscopy (SEM), energy
dispersive spectroscopy (EDS), grazing incidence X-ray diffraction (GIXRD), and X-ray photoelectron
spectroscopy (XPS) measurements. The SEM-EDS and GIXRD measurements reveal that the surface
of the metal was found to be strongly affected by the presence of the inhibitor and CO2 partial
pressure. In the presence of GA, the protective layer on the metal surface becomes more compact
with increasing the CO2 partial pressure. The XPS measurements provided direct evidence of the
adsorption of GA molecules on the carbon steel surface and corroborated the gravimetric results.

Keywords: high-pressure CO2 corrosion; corrosion inhibition; gum arabic; carbon steel N80

1. Introduction

Shale oil and gas are “unconventional” resources of natural oil and gas trapped in fine-grained
sedimentary rocks called shale. The rapid expansion of shale oil and gas exploration and the
development of a new technology (i.e., hydraulic fracturing (HF) techniques), has seen the popularity
of these natural resources to grow over the years. However, after years of exploitation, the oil and
gas production in the reservoir declines to result in a major economic challenge for the oil companies.
The injection of CO2 at high pressure into the wellbore is an effective method to increase the oil fields
lifetime [1–4]. This process is usually referred to as carbon dioxide flooding enhanced oil recovery
(CO2-EOR). However, CO2 gas dissolves in the fluid to form the weak carbonic acid, which in turn
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dissociates into bicarbonate and carbonate anions [4,5]. The presence of this weak acid can lead to
severe corrosion attacks on the steel structures [4–6].

Another common problem encountered in the extraction of these natural resources is the use of
aggressive fluids with high concentrations of chloride ions (e.g., fracturing fluid) [7]. In the HF process,
the fluid usually injected into the wellbore is a neutral water-based chloride solution (up to 4% of
potassium chloride) with different additives (i.e., inhibitors of scaling, thickening agents, corrosion
inhibitors, etc.) [8]. The literature reports that the presence of a high concentration of chloride ions in a
CO2-containing fluid can exponentially accelerate the dissolution of the steel [6,9].

Carbon and low-alloys steel are often used in the construction of the pipeline in the shale oil and
gas industry infrastructures, mainly due to its durability, ductility, high strength, and low cost [7,8,10].
However, due to these harsh operating conditions encountered during the exploitation of these natural
resources, the steel is prone to corrode. One practical and relatively cheap method for controlling sweet
corrosion in the shale oil and gas industry is the use of corrosion inhibitors. Corrosion inhibitors are
substances that added to the solution greatly reduce the dissolution of the metal by forming a protective
layer on its surface. The literature reports that over the last decades the use of corrosion inhibitors
as a means to mitigate CO2 corrosion that occurs inside the carbon steel pipelines has received
a wide interest. Nitrogen-based compounds such as pyridine derivatives [11] imidazolines [12],
benzimidazole derivatives [13], and amines [14] were found to be effective corrosion inhibitors against
CO2 corrosion. However, most of these compounds are reported to be toxic and their synthesis can be
very expensive [15,16]. These drawbacks and the increase in environmental awareness have led many
researchers to focus on the use of more naturally occurring substances as corrosion inhibitors. Plant
extracts substances, such as berberine extract [17], Momordica charantia [18], Gingko biloba [19] were
successfully tested as green corrosion inhibitors in CO2-saturated saline solutions.

The last trend of research has also seen the use of many naturally occurring polymers as green
corrosion inhibitors in various corrosive environments [10,20–22]. They are abundant in nature,
environmentally sustainable, and have an appreciable solubility. Additionally, polymers, unlike small
molecules, with their multiple adsorption sites for bonding on the metal surface, are expected to show
a higher corrosion inhibition efficiency, compared to their monomer counterpart.

Umoren et al. [15] studied the corrosion inhibition effect of two naturally occurring polymers such
as carboxymethyl cellulose and chitosan for API 5 L X60 steel in a CO2 saline solution at PCO2 = 1 bar.
The results showed that both inhibitors reduced the corrosion rate of the metal due to the formation of
a protective layer on its surface. Singh et al. [23] studied the corrosion inhibition effect of a modified
natural polysaccharide (e.g., guar gum +methylmethacrylate) in a 3.5 wt% NaCl solution saturated
with CO2 (e.g., PCO2 = 1 bar) at 50 ◦C. The authors found that this modified polysaccharide acted like a
good corrosion inhibitor for P110 steel with maximum inhibition efficiency found to be 90%. However,
most of these studies were carried out at atmospheric pressure (e.g., PCO2 = 1 bar). The CO2-EOR
process can significantly increase the dissolution of the tube. As reported by many studies, the severity
of the CO2 corrosion attack increases with an increase in CO2 partial pressure due to the increase in
acidity of the fluid [4–6]. Therefore, understanding how the CO2 partial pressure can influence the
inhibitory action of certain corrosion inhibitors in CO2 saline environments is important and can help
to minimize the material and economic losses.

Mustafa et al. [4] studied the effect of the CO2 partial pressure (e.g., 10, 40, and 60 bar) on the
corrosion inhibition of an imidazoline-based inhibitor for X52 steel exposed to CO2 water saline
solution at 60 ◦C. The authors reported that the inhibitor efficiency of the tested inhibitor was observed
to be strongly affected by the concentration of inhibitor and CO2 partial pressure. Ansari et al. [16]
studied the influence of a modified chitosan corrosion inhibitor on J55 carbon steel in a 3.5 wt% NaCl
solution saturated with CO2 at 60 bar and 65 ◦C, reporting a corrosion inhibition efficiency of 95%. Yet,
all inhibitors tested so far are labeled either as toxic or are expensive to synthesize.

Gum arabic (GA) is a natural polymer obtained from the Acacia trees of the Leguminosae
family [22] and it has been reported to successfully inhibit the corrosion of the steel in different
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environments [7,21,22,24–28]. Furthermore, GA is often used in the fracturing fluid as a thickening
agent to increase the viscosity of the fluid [29]. Therefore, due to the encouraging results presented
by these studies and the continuous research of affordable and eco-friendly corrosion inhibitors, this
work was undertaken to study the efficacy of GA as an eco-friendly corrosion inhibitor to mitigate
high-pressure CO2 corrosion for carbon steel pipeline in a saline solution. This paper also aims to
show that GA not only can be used as a thickening agent in the make-up of the fracturing fluid, but it
could also be used as an active component in corrosion inhibitor in the shale gas industry. To this end,
the study was performed in an autoclave in the presence and absence of different concentrations of
GA, different CO2 partial pressures, and different temperatures using weight loss and electrochemical
measurements. SEM-EDS, GIXRD, and XPS measurements were also employed to characterize the
corrosion product layer and to support the gravimetric and electrochemical results.

2. Experimental Procedure

2.1. Materials

The study was carried out on carbon steel (N80) with composition of (weight %): C 0.39%, Mn
1.80%, Si 0.26%, Cu 0.26%, V 0.19%, Cr 0.04%, Ni 0.04%, Al 0.03%, Mo 0.003%, Co 0.002%, Sn 0.004%,
S 0.001%, P 0.001% and the remainder Fe. Figure 1 shows that the microstructure of the N80 carbon
steel pipeline is composed of perlite and ferrite (α-Fe) phases, where the latter phase accounting for
circa 41% of the total. The samples used in this study were machined from pipeline carbon steel,
ground with silicon carbide abrasive paper up to 1200 grit, then were ultrasonically washed with
distilled water, dried with absolute alcohol.

Figure 1. Optical micrographs of the N80 carbon steel microstructures.

All experiments were carried out in 3% of potassium chloride (KCl). Potassium salt was used
in this study instead of the more common NaCl, because in the fracturing fluid, the potassium (K+)
ions formed a semi-permeable membrane on the shale rock and therefore, preventing the water from
entering the shale.

The tested solution was prepared from reagent grade material potassium chloride (Sigma-Aldrich)
and pure deionized water with an electrical resistivity of 0.055 μS/cm at T = 25 ◦C. The tested inhibitor
was purchased from Sigma-Aldrich (Warsaw, Poland). The concentrations of inhibitor solution
prepared and used for the study ranged from 0.6 up to 2.0 g L−1.

2.2. Gravimetric Measurements

The gravimetric experiments were carried out in a 1.2 L high-pressure autoclave (PARR instrument)
at different CO2 partial pressures (1, 20, and 40 bar). The coupons were suspended in a 1.0 L solution
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in the presence and absence of different concentrations of the inhibitor (i.e., from 0.6 up to 2.0 g L−1)
at 25 and 60 ◦C. Before each experiment, the tested solution was deaerated with CO2 for 2 h under
atmospheric pressure and then CO2 was purged for another 2 h at the tested pressure after the
introduction of the samples. After saturation, the pH and conductivity of the tested solution were 4.5
and 60.30 mS cm−1 at 1 bar and 25 ◦C, respectively. To ensure homogeneous mixing, a Teflon-coated
blade agitator was used (e.g., 200 rpm). The weight loss was determined by retrieving the coupons
after 24 h of immersion by means of an analytical balance with an accuracy of ±0.1 mg. To assess the
effect of time, the samples were immersed for 168 h in the presence and absence of 1.0 g L−1 of GA at
different CO2 partial pressures (1, 20, and 40 bar). The corrosion products were removed according to
the ASTM G1-90 [30], then the specimens were ultrasonically washed with distilled water, dried with
absolute alcohol, and reweighed. In each case, the experiment was conducted thrice and the corrosion
rate (CR) in mm y−1 was obtained from the following equation:

CR (mm y−1) =
87.6 Δm

dAt
(1)

where, Δm is the weight loss calculated form the difference between the initial (Wi) and the final (Wf)
weight (mg). d is the density (7.87 g cm−3), A is the surface of the sample (cm−2) and t is the immersion
time (h). The inhibition efficiency (IE%) was determined using the following equation [20,22,26]:

IE% =
CR−CRinh

CR
× 100 (2)

where CRinh and CR are the corrosion rates of the steel with and without the inhibitor, respectively.

2.3. Electrochemical Experiments

The electrochemical experiments were carried out in a 1.2 L high-pressure autoclave (PARR
instrument) at different CO2 partial pressures (1, 20, and 40 bar) with a conventional three-electrode
system. N80 carbon steel specimen was used as a working electrode, a platinum foil as a counter
electrode (CE), and a high-pressure 0.1 M KCl Ag/AgCl probe was used as a reference electrode.
To ensure homogeneous mixing, a Teflon-coated blade agitator was used (200 rpm). The electrochemical
impedance spectroscopy (EIS) and potentiodynamic polarization (PDP) measurements were carried in
a Gamry reference 600 potentiostat/galvanostat electrochemical system after the sample was exposed
for 24 h in the tested solution, with and without the presence of 1.0 g L−1 of GA. The EIS tests were
performed over the frequency range of 100 kHz to 10 mHz and amplitude of 10 mV at open circuit
potential. The data were then fitted by means of Echem Analyst 5.21 software using the opportune
equivalent circuit. The IE% was calculated from the polarization resistances (Rp) determined from the
fitting process using the following equation [21,26]:

IE% =
Rinh

p −Rp

Rinh
p

× 100 (3)

where Rp
inh and Rp are the values of the polarization resistances in the presence and absence of the

inhibitor, respectively. The PDP measurements were carried out at a potential of ±−0.3 V from the
OCP and a scan rate of 1 mV s−1. The potentiodynamic parameters were determined by means of
Echem Analyst 5.21 software. The values of IE% were calculated from the measured icorr values using
the relationship [21,26]:

IE% =
icorr − iinh

corr
icorr

× 100 (4)

where icorr and iinh
corr represent the values of the corrosion current densities without and with

inhibitor, respectively.
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2.4. Surface Analysis

The surface of the samples, prepared as described above, were analyzed in the presence and
absence of 1.0 g L−1 of GA. After the immersion, the samples were removed and rinsed with deionized
water and dried. The surface analysis was carried out by means of different techniques such as a
scanning electron microscopy combined with an energy dispersive spectroscopy, grazing incidence
X-ray diffraction (GIXRD), and an X-ray photoelectron spectroscopy (XPS). The SEM measurements
were carried out by using a JEOL scanning electron microscope. The GIXRD analysis was carried out
to further determine the composition of the corrosion products film. Grazing incident X-ray diffraction
(GIXRD) with an incident angle of 3◦ was applied to study samples phase composition. A Panalytical
Empyrean X-ray diffractometer in the parallel beam geometry (Goebel mirror in the incident beam
optics and parallel plate collimator in the secondary beam optics) with Co lamp (Kα = 1.7902 Å) was
used to perform measurements. The samples were scanned with a 0.02◦ step in the range of 20◦– 70◦ at
room temperature. The XPS analysis was carried out in a PHI 5000 VersaProbe II spectrometer with an
Al Kα monochromatic X-ray beam. The X-ray source was operated at 25 W and 15 kV beam voltages.
Dual-beam charge compensation with 7 eV Ar+ ions and 1 eV electrons was used to maintain a constant
sample surface potential regardless of the sample conductivity. The pass energy of the hemispherical
analyzer for the iron (Fe 2p) spectra was fixed at 23.5 eV and for other elements at 46.95 eV. The spectra
were charge corrected to the mainline of the carbon C 1 s spectrum set to 284.8 eV.

3. Results and Discussion

3.1. Effect of Pressure and Temperature

3.1.1. Gravimetric Experiments

Figure 2 and Table S1 show the corrosion rate and the variation of the inhibition efficiency
obtained at different concentrations of GA and CO2 partial pressures. It follows from the data that CR
increases with an increase of CO2 partial pressure, going from 1.28 to 10.95 mm y−1 at PCO2 = 1 bar
and PCO2 = 40 bar at 25 ◦C, respectively.

Figure 2. Corrosion inhibitor efficiency at different concentrations of gum arabic (GA) and CO2 partial
pressures after 24 h of immersion.

The solubility of CO2 in water increases sharply with increasing the pressure of the system [31].
The high corrosion rate observed at higher CO2 partial pressures can be explained with the increase of
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the acidity of the solution. In fact, in the presence of CO2, the weak carbonic acid is formed, which in
turn dissociates in HCO−3 and in CO2−

3 , according to the following reactions:

CO2 + H2O↔ H2CO3 (5)

H2CO3 ↔ H+ + HCO−3 (6)

HCO−3 ↔ H+ + CO2−
3 (7)

The corrosion process in a CO2 containing solution is controlled by the anodic reaction (Equation (8))
and the three cathodic reactions (Equation (9)–(11)) [4,5]:

Fe→ Fe2+ + 2e− (8)

2H2CO3 + 2e− → H2 + 2HCO−3 (9)

2HCO−3 + 2e− → H2 + 2CO2−
3 (10)

2H+ + 2e− → H2 (11)

The pH of the solution plays an important role in determining the corrosion rate of carbon steel
in a CO2 environment. As the CO2 partial pressure increases, its solubility also increases, resulting
in an increase of the carbonic acid concentration in the solution (Equation (5)). Nesic’ predicted that
the concentrations of H2CO3 in the solution would increase of about 40 times with changing the
pressure from PCO2 = 1 bar to PCO2 = 40 bar [31]. Increasing the concentration of carbonic acid leads
to an increase in the rate of reduction of carbonic acid and bicarbonate ions (Equations (9) and (10)),
and ultimately the anodic dissolution of the steel (Equation (8)) as reported by several studies [4,5,31].

After the addition of the inhibitor, it can be seen that the corrosion rate of the metal is greatly
reduced going from 1.28 to 0.37 mm y−1, with a maximum corrosion inhibition efficiency found to be
71.09% at PCO2 = 1 bar, after 24 h of immersion. The data shows that in contrast to the uninhibited
solution, an increase in CO2 partial pressure has a favorable effect on the corrosion rate of the metal
in the presence of the inhibitor. It follows from Figure 2 that IE, which varies inversely with CR,
significantly increased after the addition of GA and with CO2 partial pressure, with a maximum
corrosion inhibition efficiency of 78.77% and 84.53% at PCO2 = 20 bar and PCO2 = 40 bar, after 24 h of
immersion, respectively [4].

The literature reports that GA [7,21], and in general polysaccharides-like inhibitors [15,20],
is mainly adsorbed on the metal surface in acidic condition by weak electrostatic interaction between
the protonated inhibitor molecules and the chloride ions adsorbed on the metal surface. In a weak acid
solution GA molecules are in equilibrium with their protonated molecules according to the following
reaction (see also Section 3.5.1) [7]:

GA + xH+ ↔ [GAHx]
x+
(sol) (12)

where [GAH x]
x+
(sol) is the protonated inhibitor in the solution. As mentioned before, an increase in CO2

partial pressure leads to an increase in the acidity of the solution [32]. The higher value of IE observed
at higher CO2 partial pressures can be ascribed to the higher concentration of H+ ions present in the
solution, which in turn leads to an increase in the number of protonated inhibitor molecules that can
be adsorbed on the metal surface. Moreover, Figure 2 also reveals that IE varies with the concentration
of the inhibitor until the system reached a state (e.g., 1.0 g L−1 of GA), in which it can be said that the
inhibitor molecules are in equilibrium with their protonated counterpart. For further increase in GA
concentration, IE remains almost stable. The results clearly demonstrate that GA has greatly reduced
the CR of the metal in the tested environment, and the high corrosion inhibition activity of GA was
influenced by both its concentration and CO2 partial pressure. The lower values of CR observed in the
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presence of the inhibitor can be ascribed to its adsorption on the metal surface, covering the metal
surface and thereby, blocking the active corrosion sites on its surface [4,7,28]. The gravimetric results
are also supported by the SEM analysis presented from Figures 7–9, where it can be seen that the
surface coverage increases and the protective layer becomes more compact in the presence of GA and
with increasing CO2 partial pressure.

As the temperature rises, IE slightly decreased. This decrease may be due to the combination of
two different reasons. For instance, the solubility of CO2 decreases with increasing the temperature of
the solution [31], which can lead to a less acid environment. The pH of the solution increases slightly
and therefore shifting the equilibrium reaction Equation (12) to the left. At higher pH, the concentration
of H+ ions in the solution is smaller, which would result in the formation of fewer protonated inhibitor
molecules available for the absorption process. Another possible reason may be due to the fact that
these types of inhibitors get absorbed via electrostatic interactions (e.g., van der Waal forces) onto
the surface of the metal, and it is known that this types of interaction generally grow weaker with an
increase in temperature due to larger thermal motion [3,20]. Consequently, an increase in temperature
will increase the metal surface kinetic energy, which has a detrimental effect on the adsorption process
and encourages desorption processes [15,20].

Table S2 lists the inhibition efficiency of various corrosion inhibitors used to mitigate sweet
corrosion obtained at different immersion times and temperatures. It is worth mentioning that most of
these inhibitors are labeled either as toxic or are expensive to synthesize. Umoren et al. [15] reported the
corrosion inhibition efficiency of a commercial inhibitor to be 87 and 88% at 25 and 60 ◦C, respectively
after 24 h of immersion. The table shows that GA, compared to other studied corrosion inhibitors,
and the commercial corrosion inhibitor, can be considered a good environmentally friendly corrosion
inhibitor for carbon steel in a CO2-saturated saline solution. Moreover, since GA is already used as
a thickening agent in the make-up of the fracturing fluid, can also work as an active component in
corrosion inhibitor in the shale gas industry.

3.1.2. Electrochemical Experiments

The electrochemical experiments such as electrochemical impedance spectroscopy (EIS) and
potentiodynamic polarization (PDP) were also employed as a means to support the gravimetric
findings. These experiments were carried out at 1.0 g L−1 of GA at different CO2 partial pressures after
24 of immersion. 1.0 g L−1 is the concentration in which the tested inhibitor exhibited a maximum in
the concentration-efficiency curve.

The EIS measurements were used to evaluate the resistance of the protective layer from the
electrochemical angle and are presented in Figure 3. It can be seen from the Bode (Figure 3b) and phase
angle plots (Figure 3c) that the system is characterized by two-time constants at low (LF) and high
frequencies (HF). The presence of these two-time constants suggests that the electrochemical reaction
process of the N80 carbon steel in a CO2 saturated saline solution is affected by two state variables i.e.,
the corrosion products layer and/or the protective adsorptive layer, and electric double-layer, as also
reported by Dong et al. [33]. For this reason, the EIS plots presented in Figure 3 were fitted with the
help of the equivalent circuit (EC) presented in Figure 3d, consisting of the following elements: Rs is the
electrolyte resistance. CPEl and Rl are the constant phase element and the resistance of the layer formed
on the metals surface, respectively. CPEdl and Rct are the constant phase element representing the
double-charge layer capacitance and the charge transfer resistance, respectively. The EIS parameters
are listed in Table 1 and from the small values of χ2 (i.e., the goodness of fit) it can be said that the EC
used to fit the system under investigation was the most appropriate one.
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(a) (b)

(c) (d)

Figure 3. EIS plot recorded in the presence and absence of 1 g L−1 of GA after 24 h of immersion at
different CO2-partial pressures. (a) Nyquist; (b) Bode; (c) phase angle; (d) equivalent circuit

Table 1. Electrochemical impedance parameters with and without the presence of 1.0 g L−1

concentrations of GA after 24 h of immersion.

C (g L−1) Rs (Ω cm2)

CPEf Rf

(Ω cm2)

CPEdl Rct

(Ω cm2)

Rp = Rf +
Rct

(Ω cm2)

χ2

(×10−3) IE (%)Yf (mΩ−1 sn

cm−2)
nf

Ydl (mΩ−1

sn cm−2)
ndl

1 bar Blank 7.13 1.24 0.66 11.59 1.68 0.79 217.90 229.49 1.12 -
1 bar Ga 7.39 0.34 0.61 30.29 0.68 0.81 730.60 760.89 1.50 69.83

20 bar Blank 6.92 1.28 0.68 12.18 1.85 0.76 95.07 107.25 1.34 -
20 bar GA 7.32 0.10 0.78 38.89 0.55 0.82 469.90 507.79 1.28 78.68

40 bar Blank 7.49 0.15 0.70 9.44 3.99 0.78 43.87 53.31 1.11 -
40 bar GA 7.56 0.01 0.71 50.11 0.28 0.81 374.50 424.61 1.99 87.44

The presence of a time constant at HF is reported in several studies [34,35] and it is often observed
in a Fe/water system. This time constant may be due to the capacity of a porous thin layer formed
onto the metal surface. In this study, and without the inhibitor, the presence of this time constant at
HF is due to the formation of a thin layer of Fe3C onto the metal surface. As mentioned before, the
microstructure of the tested carbon steel is composed of circa 41% of a ferritic phase and the remaining
of a perlitic phase (Figure 1). The ferritic phase is more active than the Fe3C contained in the perlitic
phase [7], in this case, the former phase will act as an anode and the latter one as a cathode. This will
generate a micro-galvanic effect, which will eventually lead to the formation of a thin layer of Fe3C
onto the metal surface. However, it follows from the data that both the values of Rf and Rct greatly
increased in the presence of the inhibitor, which indicated that the GA molecules were adsorbed onto
the metal surface leading to the formation of a protective layer that covers the surface, as confirmed
also from the morphological analysis (e.g., SEM-EDS and XPS). Moreover, the difference between
these two values obtained in the absence and the presence of GA increased even more with increasing
CO2 partial pressure, suggesting that this protective layer becomes more stable and compact, with
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the corrosion inhibition efficiency going from 69.83% up to 87.44% at PCO2 = 1 bar and PCO2 = 40 bar,
respectively. The increase in IE observed with an increase in CO2 partial pressure agrees with the
results obtained with the gravimetric measurements and is in agreement with the ones reported in the
literature [4]. It is evident that the addition of GA had a remarkable effect on the corrosion process of
the metal and that its inhibition not only depends on the concentration of GA but also from CO2 partial
pressure. The results show that the coverage and thickness of the formed protective layer increased
with CO2 partial pressure, acting both as a barrier against the charge and the mass transfer processes
that occur onto the metal surface owing to the corrosive attack of the aggressive electrolyte.

Figure 4 and Table 2 show the potentiodynamic polarization measurements and the corrosion
kinetic parameters obtained from the polarization plots in the presence and absence of GA at different
CO2 partial pressures, respectively. As can be seen from Figure 4, the anodic polarization curve of the
blank solution does not show the typical Tafel behavior consequently, the corrosion current densities
were calculated from the extrapolation of the cathodic Tafel region.

(a) (b)

(c)

Figure 4. Potentiodynamic polarization parameters obtained in the absence and presence of 1.0 g L−1

of GA at different CO2-partial pressures, after 24 h of immersion. (a) PCO2 = 1 bar, (b) PCO2 = 20 bar
and (c) PCO2 = 40 bar.

Table 2. Potentiodynamic polarization parameters obtained after 24 h of immersion without and with
1.0 g L−1 of GA.

C (g L−1) Ecorr (V) icorr (μA cm−2) βc (V dec−1) IE (%)

1 bar Blank −0.673 17.98 0.286 -
1 bar GA −0.676 5.54 0.334 69.23

20 bar Blank −0.696 99.90 0.311 -
20 bar GA −0.736 24.09 0.391 75.88

40 bar Blank −0.600 647.05 0.316 -
40 bar GA −0.634 84.90 0.312 86.76
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The data shows that in absence of GA, the corrosion current density of the steel increased with an
increase in CO2 partial pressure, which is linked with the increased acidity of the solution, in agreement
with the gravimetric experiments. However, it is evident from the data that the corrosion current
density of the steel was prominently reduced after the addition of GA to the solution. Furthermore,
both the cathodic and anodic curves of the polarization curves were shifted towards lower current
densities after the addition of GA. The result suggests that the inhibitor impeded both the rate of the
anodic dissolution (Equation (8)) and the cathodic reactions (Equations (9)–(11)), by either covering
part of the metal surface and/or blocking the active corrosion sites on the steel surface. The dominant
cathodic reaction depends on the pH value of the solution. At lower pH (e.g., less than 4) the reduction
of H+ ions would be the dominant cathodic reaction (Equation (11)). At pH > 4 the dominant cathodic
reaction will be the reduction of HCO−3 ions and H2CO3 (Equations (9) and (10)). At higher values
of CO2 partial pressure, GA suppresses the Equation (11) (e.g., the pH of the solution is circa 3.5 at
PCO2 = 40 bar), through the formation of H-bonding between the hydroxyl groups of the inhibitor
units and the H+ ions, adsorbed onto the steel surface, as discussed in more detail in Section 3.5.2.

Moreover, after the addition of GA, the Ecorr can be seen to shift with no definite trend toward
both the anodic and cathodic regions. This result suggested that GA behaves as a mixed type inhibitor
as also reported by other studies for this inhibitor [7,21,27,28].

3.2. Effect of Time

The effect of immersion time on the corrosion inhibition efficiency of the tested inhibitor was also
assessed in this paper. Figure 5 and Table S3 show the corrosion rate and the corrosion inhibition
efficiency after 168 h of immersion in the presence and absence of 1.0 g L−1 of GA at different CO2

partial pressures at 25 ◦C. It follows from the table that GA still shows a very high IE even after a
longer immersion time. However, it should be noted that IE slightly decreases after 168 h of immersion,
compared to the one observed after 24 h of immersion.

Figure 5. Corrosion inhibitor efficiency obtained at different CO2 partial pressures after 24 and 168 h of
immersion at 25 ◦C.

This behavior has also been reported by several studies [36,37]. The decrease in IE may be due
to the desorption of the inhibitor from the metal surface, which makes the protective layer unstable.
In this study, the desorption of GA is likely ascribed to its deprotonation due to the consumption of
CO2 from the tested solution because of the electrochemical reactions occurring into the system [5,38].
This leads to a decrease in the acidity of the solution and shifting the Equation (12) towards the
deprotonation of the inhibitor.

302



Materials 2020, 13, 4245

These results confirm that GA is effectively able to protect the steel surface from sweet corrosion
at high CO2 partial pressures even after a prolonged immersion time, reflecting a strong molecular
adsorption of GA on the metal surface and the formation of a stable protective layer.

3.3. Adsorption Study and Standard Adsorption Free Energy

The corrosion inhibition adsorption process of the tested inhibitor on the N80 carbon steel surface
was carried out by several adsorption isotherms, such as Temkin’s, Frumkin’s, Langmuir’s, and
El-Awady’s adsorption isotherms. The Temkin’s adsorption isotherm was found to give the best
description of the adsorption behavior of the studied inhibitor. The Temkin’s adsorption isotherm is
defined by the following equations:

θ =
−2.303 logKads

2a
− 2.303 log C

2a
(13)

where θ is the surface coverage (θ = IE%/100), Kads the adsorption-desorption equilibrium constant,
C is the inhibitor concentration, a is the molecules interaction parameter. Positive values of a imply
attractive forces between the inhibitor molecules, while negative values indicate repulsive forces
between them.

Kads is related to the free energy of adsorption by the following equation:

ΔG
◦
ads = −RT Ln(K ads) (14)

where R is the gas constant (8.314 J K−1 mol−1), T is the absolute temperature (K). The plot of surface
coverage (θ) as a function of the logarithm of the inhibitor concentration at different CO2 partial
pressures is shown in Figure 6.

Figure 6. Temkin’s adsorption isotherm for carbon steel (N80) pipeline steel in CO2-saturated chloride
at different pressures.

The plot of θ vs. log C yields a straight line and the regression coefficient ranges from 0.985
to 0.996. The calculated values of adsorption parameters ΔG◦ads, a and K at different CO2 partial
pressures are presented in Table 3 and the following notes can be written: (i) The values of ΔG◦ads

are negative for all three pressures, indicating that the adsorption of GA on the steel surface in the
tested solution is a spontaneous process [7,21,22,28]. Furthermore, the value of ΔG◦ads ranges between
−10.64 to −8.37 kJ mol−1 indicating that the adsorption of GA on the steel occurs through a physical
adsorption process [7,21,22,28]; (ii) The values of “a” are negative for all three pressures, indicating
that repulsion forces exist between the adsorbed inhibitor molecules in the adsorption layer, as also
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reported by other studies for the same tested inhibitor [7,22]; (iii) The values of Kads increases with an
increase in CO2 partial pressure. It should be noted that Kads denotes the strength between adsorbate
and adsorbent. It can be inferred that a large value of Kads implies a more efficient adsorption process
and thus, a better corrosion inhibition efficiency [21,22]. The results suggest that the adsorption of
GA increases with an increase of the environment pressure, leading to a greater surface coverage and
consequently, a better protection performance.

Table 3. Parameters of the Temkin’s adsorption isotherm calculated from weight loss measurements
after 24 h of immersion time.

Pressure
(bar)

R2 Slope Intercept a Kads
ΔGads

(kJ mol−1)

1 0.985 0.483 0.708 −2.38 29.10 −8.37
20 0.995 0.478 0.786 −2.41 44.09 −9.39
40 0.996 0.453 0.844 −2.50 72.97 −10.64

3.4. Surface Analysis

The surface morphology of the samples exposed for 24 h at different CO2 partial pressures in the
absence and presence of 1.0 g L−1 of GA are presented in Figures 7–9. For instance, it can be seen that
the surface morphology of the samples exposed to the blank and inhibited solution differs significantly.
For the blank solution, at PCO2 = 1 bar, the microstructure of the sample is clearly visible (Figure 7a).
The metal surface appears corroded resulting from the selective dissolution of the ferritic phase over
the cementite contained in the perlitic phase. By contrast, Figure 7c,d show that after the addition
of the inhibitor the metal surface becomes much smoother. It is clear from the image that the metal
surface was partially covered by a protective layer, although some areas of the surface still show signs
of corrosion attacks.

(a) (b)

Figure 7. SEM images of the N80 carbon steel surface morphology after 24 h of immersion in
the uninhibited ((a) a lower and b higher magnification) and inhibited ((b) c lower and d higher
magnification) solution at 25 ◦C and PCO2 = 1 bar CO2.
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(a) (b)

Figure 8. SEM images of the N80 carbon steel surface morphology after 24 h of immersion in
the uninhibited ((a) a lower and b higher magnification) and inhibited ((b) c lower and d higher
magnification) solution at 25 ◦C and PCO2 = 20 bar CO2.

(a) (b)

Figure 9. SEM images of the N80 carbon steel surface morphology after 24 h of immersion in
the uninhibited ((a) a lower and b higher magnification) and inhibited ((b) c lower and d higher
magnification) solution at 25 ◦C and PCO2 = 40 bar CO2.

The severity of the corrosion attack increases with an increase in CO2 partial pressure in the
blank solution, as shown in Figure 8a,b and Figure 9a,b respectively carried out at PCO2 = 20 bar and
PCO2 = 40 bar. However, it can be seen that in the presence of GA, an increase in CO2 partial pressure
led to a gradual increase in the surface coverage on the metal surface, as a result of an increase of
GA molecules adsorbed onto the metal surface (Figure 8c,d and Figure 9c,d). At higher CO2 partial
pressure (e.g., PCO2 = 40 bar, Figure 9) the protective action of the inhibitor is even more evident.
The images show that for the uninhibited solution, the surface of the metal appears severely corroded,
while the one obtained in the presence of the inhibitor shows the formation of a uniform protective
layer over its entire metal surface. The results indicate that in the presence of GA and with a gradual
increase in CO2 partial pressure, the protective layer gradually becomes more compact and thicker [4].
As discussed in Section 3.1, the solubility of CO2 increases with its partial pressure, and as a result of
this, the concentration of H+ ions into the solution also increases, hence the number of the inhibitor
molecules that can be protonated and adsorbed onto the metal surface also increases according to the
Equation (12), leading to a substantial reduction of the corrosion rate of the metal.

The morphology of the metal surface was also analyzed with the help of an energy-dispersive
spectroscopy with the result listed in Table 4. In the absence of GA, the metal surface was characterized
by a corrosion product layer mainly consisting of carbon, iron, and a small amount of oxygen elements,
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indicating that this corrosion layer is mainly composed of Fe3C. These results are in agreement with
that previously observed in the literature [5,7,39,40]. Other researchers reported that at a temperature
below 40 ◦C, the corrosion product layer is generally composed of Fe3C, and only little traces of FeCO3

were observed on the metal surface [4,7,39,40], as also confirmed by the GIXRD measurements shown
in Figure 10. The presence of Fe3C on the metal surface is due to the anodic dissolution of the ferrite
phase over the cementite in the perlitic phase, which leads to an accumulation of the cementite on the
metal surface.

Table 4. Weight percentage of the elements calculated from EDS analyses.

Element
Weight%

C O Fe Total

Polished 0.70 - 99.30 100
Blank (1 bar) 1.18 - 98.82 100

1.0 g L−1 (1 bar) 4.06 3.51 92.43 100
Blank (20 bar) 7.28 0.83 91.89 100

1.0 g L−1 (20 bar) 8.00 21.98 70.02 100
Blank (40 bar) 4.99 2.05 92.96 100

1.0 g L−1 (40 bar) 9.90 16.21 73.89 100

Figure 10. XRD spectra of corrosion product film formed on the metal surface after been exposed for
24 h without and with the presence of 1.0 g L−1 of GA at different CO2 partial pressures at 25 ◦C.

It is worth mentioning that in the presence of GA the content of carbon and oxygen was found
to be higher than those observed for the blank solution. It should be noted that carbon and oxygen
are also the main constituents of the tested inhibitor and therefore, their higher concentration on the
protective layer formed in the presence of the inhibitor can be attributed to its adsorption onto the
metal surface, as also reported by other studies [4,7,20]. Moreover, it can be seen from the table that the
percentage of Fe decreased in the presence of GA, likely due to the overlying effect of the inhibitor layer.

The GIXRD analysis for the samples corroded in an inhibited and uninhibited solution at
PCO2 = 40 bar and at 25 ◦C (Figure 10) shows the presence of cementite on the metal surface, although
in the presence of GA the intensity of these peaks is much weaker. This result can be explained as
follows: Fe3C accumulates on the metal surface after the dissolution of the ferritic phase. However,
in the presence of the inhibitor, it only accumulates in small amounts on the bare metal surface at the
early stage of the experiment, since the dissolution of the ferritic phase is quickly suppressed by the
absorption of the inhibitor on the surface of the metal.
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Figure 11a,b show the surface morphology for specimens corroded in the blank and inhibited
solution carried out at 60 ◦C and PCO2 = 40 bar, after immersion the samples for 24 h in the tested
solution, without and with the presence of GA, respectively. The corrosion product layer appears to
be different for the inhibited solution compared to one observed in the presence of GA. Figure 11a
shows the presence of a porous corrosion product layer formed onto the metal surface corroded in a
free-inhibitor solution, pores which create paths for the solution to penetrate it and thereby leading
to the dissolution of the underlying metal. On the other hand, the surface of the metal corroded in
the presence of GA (Figure 11b) shows the formation of a more compact layer, which forms a better
protective barrier and thereby greatly reducing the corrosion rate of the metal.

(a) (b)

Figure 11. SEM images of the N80 carbon steel morphology after 24 h of immersion in the tested
solution at PCO2 = 40 bar and at 60 ◦C, without (a) and with (b) the presence of GA.

EDS analysis reports high content of carbon, oxygen, and iron elements in both layers (C:11.11%,
O:6.02% and C:13.69%, O:11.0%, in the blank and inhibited solution, respectively). The GIXRD
measurements presented in Figure 12 show the characteristic XRD diffraction patterns associated
with FeCO3. By contrast, the intensity of the iron carbonate peaks observed in the presence of GA is
almost negligible. These results suggest that the layer observed for the uninhibited solution is mainly
composed of Fe3C and FeCO3, while in the presence of GA is mainly composed of Fe3C with little
traces of FeCO3 [4]. Similar behavior was also reported by Ding et al. [41] related to the study of the
effect of an imidazoline-type inhibitor against CO2 corrosion of mild steel. The authors suggested
that the formation of the corrosion inhibitor layer was able to suppress the formation of the iron
carbonate. The precipitation of FeCO3 depends on the concentration of the Fe2+ and CO2−

3 ions, pH,
and temperature. When the concentrations of Fe2+ and CO2−

3 ions exceed the solubility limit, FeCO3

will precipitate on the surface [9,40,42]. At higher temperatures, its solubility decreases, and therefore
the likelihood of its precipitation will be also higher. In a free-inhibitor solution, the dissolution of the
ferrite phase may lead to an increase in the concentration of Fe2+ ions in the bulk solution and thereby
favoring the precipitation of FeCO3 onto the surface of the metal. Conversely, in the presence of the
inhibitor, the protective layer formed onto the surface of the metal slows down the corrosion processes,
and thereby reducing the concentrations of Fe2+ ions available for the formation of FeCO3.
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Figure 12. XRD spectra of corrosion product film formed on the metal surface after been exposed for
24 h without and with the presence of 1.0 g L−1 of GA at PCO2 = 40 bar and at 60 ◦C.

Figure 13a–d show the SEM analysis of the metal surface after 168 h of immersion in the absence
and presence of 1.0 g L−1 GA at PCO2 = 40 bar, respectively. It is apparent from the figures that a thick
porous layer covers both surface samples; although it seems that in the presence of the GA, this layer
appears denser, thus providing a higher level of protection. To analyze the condition of the metal
surface, these porous layers were removed with the help of Clark’s solution. It can be seen that both
surfaces show clear signs of corrosion attacks (Figure 13b; however, it is also clear from the figures that
in the presence of the inhibitor (Figure 13d) the surface of the metal appears to be less damaged and
smoother, with the ground scratches still visible on the surface. This result was also confirmed by the
atomic force microscopy experiments performed by Azzaoui et al. [28] concerning the use of GA as a
corrosion inhibitor in a 1 M HCl solution. The authors reported that in the uninhibited solution the
surface of the metal was found to be more corroded with an average roughness of 1.3 μm, while in the
presence of GA the average roughness was reduced to 500 nm. The authors justified this behavior
due to the formation of a more compact protective layer on the metal surface that strongly reduced
the diffusion of the aggressive substances to the metal, and thereby reducing the corrosion rate of
the metal.

(a) (b)

Figure 13. SEM images of the N80 carbon steel morphology after 168 h of immersion in the tested
solution in the presence of 1.0 g L−1 of GA at PCO2 = 40 bar. Without (a,b) and with the inhibitor (c,d)
at 25 ◦C.

308



Materials 2020, 13, 4245

The SEM-EDS and GIXRD result confirm that GA provides adequate protection to the metal
surface from sweet corrosion even at high CO2 partial pressures and after long immersion times.
The results are in agreement with the findings obtained with the weight loss measurements, confirming
the high inhibition efficiency value observed after a long immersion time.

X-ray photoelectron spectroscopy analysis was employed as a means to confirm the adsorption of
the tested inhibitor on the carbon steel surface. The analysis was carried out on the native inhibitor
and the steel surface after 24 h of immersion in the tested solution in the presence of 1.0 g L−1 of GA at
PCO2 = 40 bar and at 25 ◦C. The XPS results presented in Figure 14a showed evidence of the presence
of O, C, N, and Fe on the carbon steel surface, where the O and C contents displayed the highest
amount, while the signal of N was detected with small intensity. The high-resolution peaks core levels
were analyzed through a deconvolution fitting of the complex spectra. The binding energies and the
corresponding quantification (%) of each peak component are presented in Table S4.

Figure 14. Cont.
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Figure 14. XPS spectra of the native gum Arabic: (a,c,e,g). XPS spectra of the film formed on the
N80 carbon steel after 24 h exposure in CO2 at PCO2 = 40 bar in the presence of 1.0 g L−1 of GA at
25 ◦C: (b,d,f,h).

The deconvoluted Fe2p3/2 peaks (Figure 14b) at 710.5 and 713.0 eV could be associated with the
α-Fe2O3 or/and γ- Fe2O3 [13]. The presence of these species is likely due to the partial decomposition
of iron carbonate. The literature reported that FeCO3 begins decomposing at temperatures below
100 ◦C according to the following reaction [5,42]:

FeCO3 → FeO + CO2 (15)

In the presence of CO2 or water vapor, FeO transforms into Fe3O4 [5,42].

3FeO + CO2 → Fe3O4 + CO (16)

3FeO + H2O→ Fe3O4 + H2 (17)

However, in the presence of oxygen, FeO and Fe3O4 transform into Fe2O3 [5,42].

4FeO+O2 → 2Fe2O3 (18)

In the air : 4Fe3O4 + O2 → 6Fe2O3 (19)

The C1s spectra of the native gum arabic and the adsorbed one (Figure 14c,d, respectively) show
three main peaks. The C1s peak with binding energy at 284.8 eV could be attributed to the C–C/C–H
bonds [26,28]. The C1s peak at 286.2 eV could be attributed to the C–OH/C=O bonds related to the
different groups of GA [26,43]. This peak may also be assigned to the carbon atom bonded to nitrogen
in C–N bond [13,44] and could be related to the glycoprotein and/or to the arabinogalactan-protein
fractions of the inhibitor (Figure 15b,c, respectively). The last C1s peak with a binding energy of
287.7 eV could be associated with the presence of carbonyl type groups O–C=O/N–C=O that result
from the protonation of the GA molecule in the acid environment [28].

It is worth mentioning that no peaks assigned to Fe3C were found with the XPS analysis in
contrast to the results reported from the GIXRD analysis, where the characteristic peaks assigned to this
compound can be seen in the presence of GA (Figure 10). Fe3C cannot be detected since the average
depth of analysis for an XPS measurement is approximately 5 nm however, the cementite formed on the
metal surface at the early stage of the experiment is covered by a thicker layer of inhibitor (Figure 9c,d).

The deconvoluted O1s spectra of the native and adsorbed inhibitor are displayed in Figure 14e,f,
respectively. The peaks at 531.2 and 532.7 eV could be attributed to the single bonded oxygen
in C–O and the double bonded oxygen C=O and/or to the single bonded oxygen in O–C–O
respectively [4,13,26,28]. The latter peak may correspond to the carbonyl type groups and/or to
the glycosidic C(1)-O-C(4)/C(1)-O-C(6) linkages of the GA molecules (Figure 15a), as well as, in
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the case of the sample exposed to the tested solution, to FeCO3 formed on the metals surface,
respectively [4,26,28]. Moreover, some authors reported that the peak at 231.2 eV could also be
attributed to the oxygen of the hydroxyl groups (–OH) [5,43], likely due to the hydroxyl groups of
the tested polysaccharide. The O1s spectrum of the adsorbed inhibitor (Figure 14f) displays an extra
peak at 529.7 eV corresponding to O2− related to the oxygen atoms bonded with Fe3+ in the Fe2O3

oxide [4,43,44]. The O1s results are in good agreement with the findings of the Fe2p spectrum.

(a) (b) (c)

Figure 15. Structure of gum arabic: (a) arabinogalactan; (b) glycoprotein; (c) arabinogalactan-protein.

The presence of N1s peak in the survey for the adsorbed GA on the carbon steel surface (Figure 14a)
provides evidence that gum arabic was effectively adsorbed on the tested substrate surface since the
N80 carbon steel substrate does not contain nitrogen in its chemical composition. The N1s spectra of
the native and adsorbed inhibitor are presented in Figure 14g,h. Both images show the presence of a
peak at 400 and 399.8 eV attributed to the nitrogen atom bonded with the carbon atom, for the native
and adsorbed inhibitor. However, as it can be seen that the high-resolution N1s spectrum of the tested
substrate sample after the addition of GA depicts an extra peak at 397.6 eV. This extra peak can be
ascribed to the coordinated nitrogen atom of the amino group with the metal surface (N–Fe bond) [44].
Other authors also suggested that this peak could be attributed to the bond between the nitrogen of
the amino groups and the oxide layer on the metal surface (FeOx) [45].

3.5. Mechanism of Inhibition

Given all the observed results, it can be inferred that the GA was effectively adsorbed on the metal
surface, providing good protection to the metal surface against sweet corrosion. However, the complex
chemical structure of this inhibitor makes it difficult to determine the exact adsorption mechanism
involved. Gum arabic is a heterogeneous mixture of different compounds consisting of three main
fractions: 80% of arabinogalactan (AG), 10.4% of arabinogalactan-protein (AGP) and 1.2% glycoprotein
(GP) (Figure 15). Each of these fractions contains a range of different molecular weight components
and different protein contents. Therefore, some of these compounds can be physically and others
chemically adsorbed. Nevertheless, based on the results reported in this study, it can be assumed that
the following three types of adsorption mechanisms or likely a combination of them may take place in
the inhibiting phenomena involving GA on the steel surface.

3.5.1. Adsorption via Electrostatic Interaction

The functional groups such as hydroxyl, carboxyl, and amino present in the GA molecules,
by virtue of the presence of lone pair of electrons, can be easily protonated in acid solutions such
that the newly formed polycations are in equilibrium with their neutral counterpart according to the
Equation (12). The high corrosion inhibition activity showed by GA is likely due to a synergistic
electrostatic interaction between the protonated GA molecules with the adsorbed chloride ions,
as shown in Figure 16a. As reported by several studies [7,20–22,28] chloride ions are strongly adsorbed
on the positively charged metal surface, thereby creating an excess of electrons so that the metal will
be negatively charged. These adsorbed chloride ions can act as an intermediate bridge between the
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surface and the protonated inhibitor molecules and therefore, assisting the adsorption of GA on the
metal surface. This type of adsorption mechanism is likely the one that accounts for the most inhibition
action of the inhibitor. In fact, the results presented in this manuscript have demonstrated clearly
that the corrosion inhibition action of GA was strongly influenced by both the concentration of the
inhibitor, CO2 partial pressure, and temperature. A change in one of these two factors has a great
effect on the equilibrium reaction (Equation (12)), shifting the equilibrium towards the protonated
or the deprotonated form of the inhibitor. A shift to the right implies an increase in the number of
protonated molecules of GA available to interact with the chloride ions adsorbed on the surface and
thus, an increase in IE of the system.

Figure 16. Schematic representation of the corrosion inhibition mechanism of the N80 carbon steel by
GA. (a) electrostatic; (b) H-bond formation; (c) chemical adsorption.

3.5.2. Adsorption via Hydrogen Bond Formation Interaction

At higher CO2 partial pressure (i.e., 40 bar) the pH of the solution is around 3 [32], and among
the three possible occurring cathodic reactions (Equations (9)–(11)), the reduction of hydrogen ions
to hydrogen gas is the dominant cathodic reaction. It is generally accepted that this reaction can
be described using three steps [46]. The first step is the electrochemical adsorption of the H+ ions
(Equation (20)) followed by either the electrochemical desorption (Equation (21)) or the chemical
desorption (Equation (22)).

H+
(aq)

+ e− → Hads (20)

Hads + H+
(aq)
→ H2(g) (21)

Hads + Hads → H2(g) (22)

The potentiodynamic measurements presented in Figure 5 showed that the cathodic current
density of the system was greatly reduced after the addition of GA in the solution, suggesting that GA
was able to suppress the hydrogen evolution reaction (Equation (11)) to some extent. Similar results
were also confirmed by other authors [21,26–28]. This assumption was also confirmed by FT-IR and
Raman measurements performed on GA [7,26] and other gum-like [20,36,47] compounds. The results
showed that the characteristic peak assigned to the hydroxyl groups of the carbohydrate units narrowed
down and/or shifted after its adsorption on the metal surface. The authors agreed that this change in
shape was likely due to a possible interaction of the hydroxyl groups of the GA molecules with the
H adsorbed on the cathodic sites of the metal surface via H-bond formation (Figure 16b). Therefore,
the high value of IE observed in this study at different CO2 partial pressure can be also ascribed
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to the ability of GA to suppress one of these reactions (Equations (20)–(22)) via H-bonds formation,
thus suppressing Equation (11) and consequently the dissolution of the steel (Equation (8)).

The adsorption of GA may also be promoted by the presence of the oxide layer on the metal surface
via hydrogen bonding (Figure 16b). Studies concerning the adsorption of GA on oxide nanoparticles
(i.e., iron oxide nanoparticles [48] and zinc or aluminum oxide nanoparticles [49]) reported that GA
showed a strong affinity toward these oxide nanoparticles. The authors suggested that the adsorption
of GA on these oxide nanoparticles surface might be due to the formation of hydrogen bonds between
the functional groups of the GA molecules (e.g., hydroxyl, carboxylate, and amino) with the oxidized
surface. The XPS analysis presented in this study showed that the metal surface after 24 h of exposure
is covered by different oxide species such as Fe2O3 and/or Fe3O4, (e.g., Equations (15)–(19)). Therefore,
the adsorption of GA assisted by the presence of oxide species formed on the metal surface via H-bonds
formation is an adsorption mechanism that must be also taken into account.

3.5.3. Chemical Adsorption

The heteroatoms (i.e., O, N) present on the GA molecules by virtue of the presence of lone pair
of electrons may promote the adsorption of the inhibitor via the formation of coordinate bonds with
the iron from the metal surface and/or with iron from the oxide species formed on the surface [45]
(Figure 16c). The XPS measurements observed in this study showed a peak at 397.6 eV likely ascribed
to the coordinated nitrogen atom of the amino group with the Fe (N–Fe bond) [44]. This result
suggests that although the inhibitor is mainly physically adsorbed on the surface of the metal, a small
contribution of the chemical adsorption process cannot be ignored.

4. Conclusions

The corrosion inhibition effect of gum Arabic on the corrosion of carbon steel (N80) exposed in a
high-pressure CO2-saline environment has been studied and the following conclusion can be drawn:

• The weight loss results showed that the thickening agent gum arabic was found to be an efficient
corrosion inhibitor for carbon steel in a high-pressure CO2-saline environment. The Inhibition
efficiency increased with an increase in inhibitor concentration and CO2 partial pressure with the
maximum value of IE found to be 84.53% at PCO2 = 40 bar after 24 h of immersion. Moreover,
the weight loss results also showed that GA was effectively able to protect the steel surface from
sweet corrosion at high CO2 partial pressures (i.e., 40 bar) even after a prolonged immersion time
(i.e., 168 h) with a corrosion inhibition efficiency found to be 74.41%.

• The adsorption of GA on the carbon steel surface follows the Temkin’s adsorption isotherm model.
The negative free energy of adsorption ΔG◦ads indicates a strong and spontaneous adsorption of
GA on the carbon steel surface. Furthermore, the value of ΔG◦ads indicates that the GA adsorbs
mainly via physical adsorption on the metal surface.

• The SEM analysis revealed that in the presence of GA the protective layer on the metal surface
becomes more compact and dense with an increase in CO2 partial pressure. Also, the SEM analysis
revealed that after 168 h of immersion, in the presence of GA, the metal surface appeared to be
less damaged and smother.

• The XPS results confirmed the formation of a protective layer containing GA molecules and iron
oxides on the metal surface.

Supplementary Materials: The following are available online at http://www.mdpi.com/1996-1944/13/19/4245/s1,
Table S1: Corrosion rate and inhibition efficiency obtained from weight loss measurements for the N80 carbon steel
at various concentrations of GA and CO2 partial pressures after 24 h of immersion time, Table S2: Comparison of
reported inhibition efficiency of some other corrosion inhibitors used in a CO2 saturated saline solution (3.5 wt.%
NaCl), Table S3: Corrosion rate and inhibition efficiency obtained from weight loss measurements for the carbon
steel (N80) carried out at 1.0 g L−1 of GA and CO2 partial pressures after 168 h of immersion time at 25 ◦C,
Table S4: XPS analysis of sample steel surface after 24 h of immersion in test solution at PCO2 = 40 bar and at 25 ◦C
in the presence of 1.0 g L−1 of GA.
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Abstract: The present study aims to evaluate the stress corrosion behavior of additively manufactured
austenitic stainless steel produced by the wire arc additive manufacturing (WAAM) process. This was
examined in comparison with its counterpart, wrought alloy, by electrochemical analysis in terms of
potentiodynamic polarization and impedance spectroscopy and by slow strain rate testing (SSRT) in
a corrosive environment. The microstructure assessment was performed using optical and scanning
electron microscopy along with X-ray diffraction analysis. The obtained results indicated that in
spite of the inherent differences in microstructure and mechanical properties between the additively
manufactured austenitic stainless steel and its counterpart wrought alloy, their electrochemical
performance and stress corrosion susceptibility were similar. The corrosion attack in the additively
manufactured alloy was mainly concentrated at the interface between the austenitic matrix and
the secondary ferritic phase. In the case of the counterpart wrought alloy with a single austenitic
phase, the corrosion attack was manifested by uniform pitting evenly scattered at the external surface.
Both alloys showed ductile failure in the form of “cap and cone” fractures in post-SSRT experiments
in corrosive environment.

Keywords: additive manufacturing; direct energy deposition; wire arc additive manufacturing;
316L stainless steel; stress corrosion

1. Introduction

Additive manufacturing (AM) has been considered to be a promising technology for
producing a variety of complex components in a relatively short time [1–6]. Traditional AM
processing of metals mainly focuses on powder bed fusion (PBF) methods such as selective
laser melting (SLM) and electron beam melting (EBM) [7–10]. However, PBF technologies
are relatively expensive due to the high cost of raw material, high energy consumption and
relatively low deposition rate. In addition, the size of the printed component is limited and
depends on the printing cell dimension. The inherent disadvantages of PBF technologies
highlight the need to use more affordable AM methods such as the wire arc additive
manufacturing (WAAM) process. Comparatively, proven PBF technologies can produce a
deposition rate of 0.1 kg/h, while the deposition rate of WAAM is about 10 kg/h [11–13].
In addition, the use of relatively inexpensive wires as raw materials and an electric arc as the
energy source can reduce the cost of the printing process by 80% compared to PBF [14,15].
Furthermore, the dimensions of components produced by WAAM are almost unlimited [16].
It should be pointed out that WAAM process can be also implemented using computer
numerical control (CNC) systems [17]. The almost unlimited dimensions of WAAM is due
to the fact that the printing process can be performed by an external robot that is free to
move in all directions [18–20]. However, there are some limitations related to the WAAM
process compared to PBF technology. This includes relatively increased surface roughness,
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and limited capabilities to produce complex structures. Currently, most of the research
activities related to the WAAM process have focused on optimizing the printing parameters
and residual stresses status [21–25], with very limited attention paid to the corrosion
performance of the obtained components. This study mainly aims at evaluating the effect
of phase transformation on stress corrosion behavior of additively manufactured austenitic
stainless steel in the form of 316L alloy produced by the WAAM process. For reference
consideration, the obtained stress corrosion behavior was compared to its counterpart
wrought alloy AISI 316L. The general corrosion performance was evaluated in terms of
potentiodynamic polarization and electrochemical impedance spectroscopy (EIS) analyses
all in 3.5% NaCl solution.

2. Materials and Methods

The tested specimens were machined from a hollow cylindrical component produced
by the WAAM process with a conventional metal inert gas (MIG) welding system, using
austenitic 316L stainless steel welding wire, as shown in Figure 1 [20] along with a tension
specimen. No additional heat treatment was applied and all tested were carried out in
as-build conditions. The welding wire diameter was 1.14 mm and the dimensions of the
cylindrical component were: 120 mm height, 55 mm mid-wall radius and 15 mm wall
thickness. The wire deposition was implemented using a Cloos Rotrol V7.13 robot (CLOOS,
Haiger, Germany) that was integrated with a welding head system. The welding pathway
was controlled by a computer-aided design (CAD) model. The welding parameters in
terms of the deposition process included: wire feed rate of 6.1 m/min, electrical current
of 210 A, voltage of 23.9–24.1 V, pulse frequency of 120 Hz, and robot deposition speed of
14 cm/min. The deposition process was carried out under a protective gas atmosphere
composed of 98% Argon and 2% Oxygen. The printing parameters were selected based on
regular welding conditions used by MIG-welding of steels.

Figure 1. General appearance of the cylindrical component along with a tension specimen obtained
by the WAAM process.

Microstructure analysis was carried out by scanning electron microscopy (SEM-JEOL
5600, JEOL Ltd., Tokyo, Japan) [26] equipped with an EDS sensor (Thermo Fisher Scientific,
Waltham, MA, USA) for phase chemical composition detection. The metallographic prepa-
ration included polishing up to 0.04 μm and subsequent etching with HNO3 (70%) 20 mL,
HCl (32%) 45 mL and ethanol 25 mL for 1.5 min. The presence of a secondary phase in the
form of ferrite (BCC) was evaluated by X-ray diffraction analysis using a RIGAKU-2100H
X-ray diffractometer (Rigaku Corporation, Tokyo, Japan) with CuKα [27]. The diffraction
parameters were 40 KV/30 mA and a scanning rate of 2◦/min.
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The corrosion performance was examined in terms of electrochemical analysis by
potentiodynamic polarization and EIS using a Bio-Logic SP-200 potentiostat (BioLogic Sci-
ence Instruments, Seyssinet-Pariset, France) equipped with EC-Lab software v11.18. Both
analyses were implemented using a standard three-electrode cell with saturated calomel
(SCE) as a reference electrode and Platinum as an auxiliary electrode. The potentiodynamic
polarization scanning rate was 0.5 mV/s, and the EIS examination was performed between
10 kHz and 0.015 Hz at a 10 mV amplitude signal. The preparation procedure of the
samples for the electrochemical testing included cleaning in an ultrasonic bath for 5 min,
washing with alcohol and drying in air. The stress corrosion behavior in terms of SSRT
was examined according to ASTM G129-00 standard [28], using Cormet C-76 apparatus
(Cormet Testing Systems, Vantaa, Finland) [29,30]. The dimensions of the SSRT test samples
were: gauge length 25.4 mm and cylindrical cross section 11.4 mm2. The SSRT strain rates
were: 2.5 × 10−7, 2.5 × 10−6 and 2.5 × 10−5 s−1. All the corrosion tests were carried out in
3.5% NaCl solution at ambient temperature (25 ◦C).

3. Results

The chemical composition of the welding wire, printed alloy and counterpart AISI
316L stainless steel alloy are shown in Table 1. This reveals that the composition of the
printed alloy was in line with the composition of the welding wire and quite similar to that
of the counterpart AISI alloy in terms of main alloying elements and carbon content.

Table 1. Chemical composition (wt.%) of welding wire, printed stainless steel part and counterpart
AISI 316L.

Material C Mn Si S P Cr Ni Cu Mo Co N Fe

Welding Wire 0.013 1.97 0.51 0.0010 0.018 19.22 11.50 0.15 2.42 0.07 0.092 Bal.
Printed 316L 0.024 1.85 0.44 0.0007 0.020 19.21 11.62 0.09 2.48 0.26 0.052 Bal.

AISI 316L 0.021 1.59 0.40 0.02 0.037 16.58 10.07 0.44 2.04 0.19 0.078 Bal.

X-ray diffraction analysis of the printed alloy and its counterpart AISI 316L are shown
in Figure 2. This reveals that the printed alloy was composed from an austenitic matrix
(γ-Fe) and a secondary ferritic phase (δ-Fe), as expected from a regular 316L printed al-
loy [31] while the stock material (wire) has one austenitic phase. In parallel, the counterpart
AISI 316L was composed from only an austenitic phase. In addition, significant differ-
ences were obtained between the XY-plane (building direction 0◦) and XZ-plane (building
direction 90◦) of the printed alloy in terms of peak intensity. This can be attributed to
the epitaxial characteristics of the AM process that display a preferred orientation of the
solidification process. The calculated lattice parameter of the γ-Fe and δ-Fe related to
the printed alloy were 2.88 and 3.59 Å, respectively, which basically comes in line with
the parameters found in the literature: 2.86 Å (PDF 006–096) and 3.59 Å (PDF 33–0397).
In the case of the counterpart AISI 316L, the calculated lattice parameter was 3.59 Å, as ex-
pected. Furthermore, it should be pointed out that, in contrast to the microstructure of
316L obtained by the WAAM process as presented by X. Chen et al. [25,32], no σ-phase
was observed in this study.

Typical microstructure of printed 316L stainless steel in the XY- and XZ-planes is
shown in Figure 3 while the microstructure of its counterpart AISI 316L alloy is introduced
in Figure 4. The microstructure of the printed alloy was composed from an austenitic
matrix and a secondary ferritic phase at the grain boundaries. The ferritic dendrites in the
XY-plane present an anisotropic morphology, while the XZ-plane introduces an epitaxial
solidification characteristic. In parallel, the counterpart AISI 316L was composed of a single
austenitic phase, as expected from conventional 316L stainless steel [33]. The two-phase
microstructure of the printed alloy was formed due to the high solidification rate of the AM
process. This can also be explained in terms of the Fe-Cr-Ni phase diagram [34] operating
under high cooling rate conditions. In addition, the inherent re-heating effect of the AM
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process produces a non-equilibrium microstructure that displays the presence of a primary
δ ferrite phase [25].

Figure 2. X-ray diffraction analysis of printed alloy and AISI 316L alloy.

 
Figure 3. Typical microstructures of printed 316L stainless steel obtained by optical microscopy (a) XY-plane, (b) XZ-plane.

 
Figure 4. Typical microstructures of AISI 316L stainless steel (a) longitudinal cross section, (b) transvers cross section.

The general macrostructure of the printed alloy in 3D is shown in Figure 5, along with
the corresponding close-up microstructures and spot chemical analysis. This clearly reveals
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that the microstructure in the XY-plane was quite uniform compared to the non-uniform
structure in the XZ-plane that relates to the preferred orientation of the solidification
course. In addition, the melt pool boundaries shown in Figure 5d,e clearly illustrate the
epitaxial nature of solidification in the XZ-plane. The spot chemical analyses at points 1 and
2 (Table 2) disclose the typical compositions of austenite and ferrite phases, respectively.
These compositions reflect the relatively increased amount of Ni and reduced content of Cr
in the austenitic phase and vice versa in the ferritic phase.

 

Figure 5. Macrostructure and corresponding microstructures of printed 316L alloy obtained by stereo microscope and SEM
(a) general macrostructure, (b,c) microstructure in the XY-plane, (d,e) microstructure in the XZ-plane.

Table 2. Spot chemical analysis of printed 316L at points 1 and 2 (Figure 5c) by EDS in wt.%.

Test
Point

C Mn Si Cr Ni Mo Fe

Point 1 0.39 2.3 0.41 17.34 12.08 2.02 Bal.
Point 2 0.25 2.12 0.39 24.86 5.43 4.17 Bal.

The mechanical properties of printed 316L and its counterpart AISI 316L in terms of
tensile strength, yield strength, elongation and hardness are shown in Table 3 along with
their typical stress-strain curves shown in Figure 6. This reveals that the strength of the
printed alloy was relatively reduced, while its ductility was increased compared to the
counterpart AISI 316L.

Table 3. The mechanical properties—UTS (Ultimate tensile strength), YP (yield point) elongation, hardness and density of
printed and AISI 316L stainless steel.

Material UTS (MPa) YP (MPa) Elongation (%) Hardness (HV) Density (gr/cm3)

Printed 316L 552 ± 11 364 ± 17 42 ± 1 196 ± 5 7.6 ± 0.3
AISI 316L 752 ± 3 695 ± 3 37 ± 1 275 ± 9 7.8 ± 0.2

The corrosion resistance of the printed and counterpart AISI 316L in terms of poten-
tiodynamic polarization analysis is shown in Figure 7. Although the polarization curve of
the printed alloy was relatively shifted to higher corrosion currents, which reflects reduced
corrosion resistance [35,36], its break potential (Eb1) was relatively higher compared to the
AISI 316L (Eb2), which reflects an improved passivation process. Altogether, the corrosion
rate of the printed alloy in terms of Tafel extrapolation was excellent, and quite similar
to the counterpart alloy as shown in Table 4 (0.005 vs. 0.001 mmpy, respectively). In ad-
dition, as expected from metals having an active-passive transition, both alloys showed
localized corrosion attack. In the case of the printed alloy the localized corrosion attack was
concentrated at the boundaries between the austenite and ferrite phases (Figure 8a,b) [37].

321



Materials 2021, 14, 55

The corrosion attack in the counterpart AISI 316L was in the form of pitting corrosion
(Figure 8c,d) that was evenly scattered on the external surface. The counterpart alloy
presented typical pitting morphology for AISI 316L, as well as typical corrosion potential,
breakdown potential and corrosion current [38].

Figure 6. Typical stress-strain curves of printed 316L alloy and counterpart AISI 316L.

Figure 7. Potentiodynamic polarization analysis of printed 316L alloy and counterpart AISI 316L in
3.5% NaCl solution.

Table 4. Corrosion rate of tested alloys as obtained by Tafel extrapolation from potentiodynamic polarization curves.

Material Ecorr (v)
Icorr

(μA/cm2)
Corrosion Rate

(mmpy)
Ebreak

(v)

Printed 316L −0.25 ± 0.02 0.48 ± 0.12 0.005 ± 0.001 0.47 ± 0.03
AISI 316L −0.21 ± 0.02 0.09 ± 0.004 0.001 ± 0.0003 0.18 ± 0.004

The corrosion performance of printed and AISI 316L obtained by EIS analysis are
shown in Figure 9. The Nyquist diagrams of both alloys (Figure 9a) in terms of curve radius,
which represents the surface corrosion resistance, were quite similar. This similarity was
also maintained by the Bode magnitude diagram (Figure 9b) that introduces the solution re-
sistance. The related electrical equivalent circuit and corresponding fitting parameters (R1-
solution resistance, R2 and Q1-capacitor) [39,40] are introduced in Figure 10 and Table 5,
respectively. Altogether, the EIS analysis clearly indicates that the corrosion resistance of
printed and counterpart alloys was quite similar.
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Figure 8. (a,b) Close-up views of the corrosion attack at surface of printed alloy, (c,d) close-up views
of the corrosion attack at surface of counterpart AISI alloy.

 

Figure 9. Electrochemical impedance spectroscopy analysis of printed and AISI 316L in 3.5% NaCl solution: (a) Nyquist
diagram, (b) Bode diagram.

 
Figure 10. Electrical equivalent circuits for the EIS analysis shown in Figure 9.

Table 5. Corresponding fitting parameters for the EIS analysis shown in Figure 9.

Material R1 (Ohm) Q1 (F·sa−1) a R2 (Ohm)

Printed 316L 15.6 7.31 × 10−5 0.705 92,178
AISI 316L 16.98 6.07 × 10−5 0.825 83,863
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The stress corrosion behavior of the printed and counterpart AISI 316L in terms of
SSRT in 3.5% NaCl solution, are shown in Figures 8–10. Although the stress corrosion
performance of the two alloys was similar, as reflected by nearly equal time to failure vs.
strain rate (Figure 11), the two alloys maintain their inherent UTS and elongation properties
(Figures 12 and 13, respectively). This similarity could also be seen by the fitting equations
(σUTS = C × .

ε
m
) of UTS vs. strain rate According to these fittings, the stain rate sensitively

factors (m) of the two alloys were very close: 0.007 and 0.009 for the printed and AISI 316L,
respectively. Fractography analysis of the two alloys (Figure 14a–d) clearly demonstrates
that both alloys showed ductile failure behavior in the form of “cap and cone” fractures,
as expected from 316L stainless steel alloy.

Figure 11. The effect of strain rate on time to failure of 316L produced by WAAM process in
comparison with conventional wrought alloy AISI 316L.

Figure 12. Ultimate tensile strength (UTS) versus strain rate of 316L produced by WAAM process
compared to its counterpart wrought alloy AISI 316L.
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Figure 13. Ductility in terms of elongation versus strain rate of 316L produced by WAAM process
compared to wrought alloy AISI 316L.

 

Figure 14. Fracture surface after SSRT at a strain rate of 2.5 × 10−7 (1/S) in 3.5% NaCl solution. (a,b) printed alloy,
(c,d) counterpart AISI 316L.

4. Discussion

In spite of the differences between the microstructure and mechanical properties of
WAAM 316L alloy and its counterpart AISI 316L, their corrosion performance in 3.5% NaCl
solution was quite similar. This was strongly supported by the results of potentiodynamic
polarization, EIS and stress corrosion analysis in terms of SSRT examination. Neverthe-
less, the corrosion mechanism of the two alloys was slightly different. This was clearly
demonstrated by the surface corrosion attack shown in Figure 8. According to this figure,
the localized corrosion attack in the printed alloy was mainly located at the interface be-
tween the austenitic matrix and the secondary ferritic phase (Figure 8a,b). This was mainly
attributed to the relatively reduced corrosion resistance of the ferritic phase compared
to the austenitic phase, which can induce micro-galvanic corrosion. In the case of the
counterpart AISI 316L, the localized corrosion attack was in the form of pitting corrosion
that was uniformly scattered on the surface (Figure 8c,d).
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Regarding the effect of strain rate on UTS and elongation under a corrosive envi-
ronment, both the printed and the counterpart AISI 316L displayed a similar response,
according to their inherent mechanical properties. The similarity in their stress corro-
sion resistance was demonstrated by nearly equal time to failure at a slow strain rate of
2.5 × 10−7 s−1 (Figure 11), where the environmental effect was most dominant. This simi-
larity was also manifested by the fractography analysis of the two alloys (Figure 14a–d)
that clearly showed ductile failure characteristics in the form of “cap and cone” fractures,
as can be expected from 316L stainless steel alloy [41].

As a final remark it should be pointed out that the similar corrosion performance of
printed WAAM 316L alloy and its counterpart AISI 316L in 3.5% NaCl solution cannot
be simply extrapolated to any different environment. This is mainly due to the inherent
differences between the microstructure of the two alloys that can affect their corrosion
behavior primarily in a more aggressive environment.

5. Conclusions

The stress corrosion behavior of additively manufactured austenitic stainless steel
(316L alloy) produced by WAAM process in terms of stress corrosion susceptibility and
electrochemical performance was similar to that of its counterpart wrought alloy. This sim-
ilarity was obtained in spite of the inherent differences in microstructure and mechanical
properties of the two alloys. The corrosion attack in the printed alloy was mainly located
at the interface between the austenitic matrix and the ferritic phase, while that of the
counterpart alloy composed of a single austenite phase was in the form of pitting corrosion
uniformly scattered on the surface. The fractography analysis of the two alloys in post-SSRT
experiments revealed that both alloys showed ductile failure in the form of “cap and cone”
fractures, as expected from austenitic stainless steel.
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Abstract: This study aims to investigate the molar ratio effect of sodium to chloride ions on the
corrosion of an Alloy 600 steam generator tube and an SA508 tubesheet material. The corrosion
behavior was evaluated in solutions with three different molar ratios of sodium to chloride ions using
a potentiodynamic polarization method. The corrosion potentials and corrosion rates of both the
two materials were significantly decreased as the molar ratio increased from 0.1 to 10. Therefore,
it is recommended that the molar ratio control to a value of 1 is beneficial only when the crevice
chemistry has a low molar ratio with an acidic pH. The corrosion potentials and corrosion rates were
little affected by the total sodium and chloride ion concentrations. SA508 acted as an anode and its
corrosion rate was accelerated by galvanic coupling with Alloy 600.

Keywords: molar ratio index; steam generator; tubesheet; crevice chemistry; galvanic couple

1. Introduction

Stress corrosion cracking (SCC), intergranular attack (IGA) and pitting have been major degradation
modes of Alloy 600 steam generator (SG) tubes in the secondary side water environments of pressurized
water reactors (PWRs) [1–4]. Corrosion damage of the Alloy 600 tube materials is accelerated in both
acidic and alkaline environments resulting from the impurity concentration processes. The formation
of these corrosive environments is closely associated with local boiling within tube to tube support
crevices and tube to tubesheet crevices in which sludge is accumulated [5,6]. The laboratory and
field experience data have indicated that both IGA and SCC of Alloy 600 steam generator tubes are
minimized at a near neutral pH [7,8]. Therefore, it is expected that maintaining a crevice pH near
neutral reduces the corrosion damage of Alloy 600.

Based on the above backgrounds, the molar ratio control program was developed by the Electric
Power Research Institute (EPRI), of which the goal is to maintain the crevice chemistry at near neutral
pH values [7]. A molar ratio index (MRI) for managing the secondary water chemistry in PWRs was
also proposed as the following equation [7]:

MRI =
Na + K

Cl + excess SO4
(1)

To maintain a desired MRI, several methods has been implemented, such as sodium source
reduction, chloride injection, and ion exchange resin manipulation [9]. This index was derived from a
viewpoint of the corrosion behavior of SG tube material itself. SG tubes are equipped in a tubesheet
by expanding the both end parts of the tubes within drilled-holes of the tubesheet. The SG tubing
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is made of nickel-based alloys, while the tubesheet is SA508 low alloy steels. Therefore, an SG tube
and a tubesheet are galvanically contacted in the tube to tubesheet crevice region of a SG. In addition,
corrosion of the tubesheet material induces denting damage of the tubes at the top of the tubesheet,
accelerating SCC of the tubes [10,11]. Therefore, the corrosion behavior of the tubesheet material
should also be considered in the application of the molar ratio control. In addition, since the MRI
is a simple molar ratio of cations to anions, the total concentration of the cations and the anions is
not considered.

Potentiodynamic polarization tests provide useful information such as corrosion rate and
susceptibility of materials to corrosion in aqueous solutions, as well as pitting corrosion. Furthermore,
it has been reported that polarization behaviors of Alloy 600 and stainless steels are associated with
IGA and SCC [12–14]. In this case, however, additional IGA and SCC tests should be performed to find
a correlation at applied potentials selected from a polarization curve. In this work, an electrochemical
polarization method was used to survey the effect of the MRI on the polarization responses of an
Alloy 600 SG tube and an SA508 tubesheet material at approximately 25 ◦C and to provide bases for
comparison with the results at higher temperatures, which will be obtained in the next phase. The effect
of impurity concentration at a constant MRI was also evaluated.

2. Experimental Methods

2.1. Specimen and Solution Preparation

Alloy 600 and SA508 were used as a tube material and a tubesheet material of a SG, respectively.
Chemical compositions of the materials are given in Tables 1 and 2. Alloy 600 had an average
grain size of about 48.9 mm with chromium carbides at grain boundaries, which satisfied the EPRI
specification [15]. SA508 was heat-treated according to the American Society of Mechanical Engineers
(ASME) standard specification [16] and its microstructure was typical bainite. Because the material
microstructure has a significant impact on corrosion behavior [17–19], all specimens were prepared
from a single heat of each material.

Table 1. Chemical composition of Alloy 600 material (wt.%).

C Cr Fe Si Mn Ti Al Ni

0.02 15.7 10.0 0.1 0.3 0.1 0.06 Bal.

Table 2. Chemical composition of SA508 material (wt.%).

C Si Mn P S Ni Cr Mo Fe

0.199 0.051 1.52 0.005 0.006 0.987 0.232 0.582 Bal.

Specimens were cut into a size of 10 × 5 × 1 mm3 for the electrochemical corrosion tests. They were
ground using silicon carbide paper down to 1000-grit and then ultrasonically cleaned in acetone for
5 min.

To prepare a working electrode for the electrochemical test, an Alloy 600 specimen was spot-welded
to an Alloy 600 wire, while an SA508 specimen was spot-welded to a pure iron wire. The lead wire was
then shielded with a polytetrafluoroethylene (PTFE) tube for electrical insulation. A resin was coated
around the spot-weld to prevent the test solution from penetrating into any remaining crevice there.
After curing the resin, the specimen was ultrasonically cleaned in acetone for 1 min. When subtracting
the weld-junction area, the surface area exposed to the solutions during the electrochemical tests was
1.28 cm2.

The MRIs of sodium ions to chloride ions in the test solutions were controlled to be 0.1, 1 and 10 by
the addition of HCl and NaOH into demineralized water with the resistivity near 18 MΩ·cm, as shown
in Table 3. Any other chemical species were not included to simplify the Equation (1). The total ion
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concentrations of sodium and chloride ions were fixed to be 0.011 and 0.11 M at each MRI. Regardless
of the total ion concentrations, the measured solution pH was dependent on the MRI and was about 2
at the MRI 0.1, 7 at the MRI 1, and 12 at the MRI 10.

Table 3. Experimental conditions for the electrochemical corrosion tests.

Na+

(M)
Cl−
(M)

Total Concentration of Na+ and Cl−
(M)

MRI
(Na+/Cl−)

pH

0.001 0.01 0.011 0.1 2
0.0055 0.0055 0.011 1 7

0.01 0.001 0.011 10 12
0.01 0.1 0.11 0.1 2
0.055 0.055 0.11 1 7

0.1 0.01 0.11 10 12

2.2. Electrochemical Corrosion Test

Potentiodynamic polarization tests were performed in each solution at 25 ◦C by using a PAR273
potentiostat (EG&G Princeton Applied Research, Berwyn, PA, USA) with Power-Suite software (version
2.58, Ametek, Berwyn, PA, USA) and a conventional corrosion cell with three electrodes. A saturated
calomel electrode was used as the reference electrode, and a platinum wire was used as the counter
electrode. The test solutions were deaerated by bubbling ultra-high purity (99.999%) nitrogen gas
at a rate of 300 mL/min. The open circuit potential (OCP) of a working electrode reached a stable
value within 1 h. After that, the potential was scanned either to the positive direction for the anodic
curve, or to the negative direction for the cathodic curve at a rate of 20 mV/min under continuous
blowing of nitrogen. Each anodic and cathodic polarization curve was finally combined in one graph.
The polarization curves were obtained at least three times to ensure their reproducibility using fresh
specimens and solutions.

The corrosion current density (icorr) of the materials at the OCPs was calculated by using the
Tafel extrapolation method of cathodic polarization curves. The galvanic corrosion potential and the
galvanic current density between Alloy 600 and SA508 were determined by the application of the
mixed potential theory.

3. Results and Discussion

Figure 1 shows the potentiodynamic polarization behaviors of Alloy 600 in the solutions of MRI
0.1, 1, and 10 at a total sodium and chloride concentration of 0.011 M. The corrosion potentials (Ecorr)
and corrosion rates (icorr) of Alloy 600 were significantly decreased as the MRI increased from 0.1 to 10.
The active–passive transition appeared at the MRI 0.1, but the alloy was passivated without active
dissolution at the MRI 1 and 10.

Figure 2 shows the SEM micrographs of corroded surfaces after the anodic polarization scans.
The surfaces exposed to the MRI 0.1 and 1 solutions showed extensive pitting, whereas the surface at
the MRI 10 was uniformly corroded without pitting corrosion. Therefore, the transpassivity showing an
abrupt increase of current at about 0.260 and 0.390 V in the solutions of the MRI 0.1 and 1, respectively,
was due to pitting, whereas the current increase at 0.600 V in the solution of the MRI 10 was owing to
oxygen evolution, the reaction of which can be expressed by the following equation [20]:

2H2O = O2 + 4H+ + 4e (2)
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Figure 1. Polarization curves of Alloy 600 in the solutions of the MRI 0.1, 1 and 10 at a total sodium
and chloride ion concentration of 0.011 M.

 

Figure 2. Scanning electron microscopy (SEM) micrographs showing the corroded surfaces of Alloy
600 after polarization scans at (a) the MRI 0.1, (b) the MRI 1, (c) magnification of the pit denoted by the
white arrow in (b), and (d) the MRI 10.

As shown in Figure 3, the corrosion potentials of SA508 were also significantly decreased as the
MRI increased from 0.1 to 10. SA508 actively dissolved at high corrosion rates without any passivation
at the MRI 0.1 and 1, whereas the alloy showed the lowest corrosion rate with a passive behavior in a
potential range of −0.190 to 0.600 V at the MRI 10. SA508 also showed an abrupt increase of current
density due to oxygen evolution near a potential of 0.600 V at the MRI 10, as did Alloy 600.
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Figure 3. Polarization curves of SA508 in the solutions of the MRI 0.1, 1 and 10 at a total sodium and
chloride ion concentration of 0.011 M.

Figure 4 shows the SEM micrographs of SA508 surfaces after the anodic polarization scans.
The surface exposed to the MRI 0.1 was severely and uniformly corroded enough to dissolve out the
grinding marks, which was made by emery paper during the surface finishing process. The surface at
the MRI 1 was also corroded uniformly, but less severely than at the MRI 0.1. On the contrary, it can
still clearly be seen the grinding marks on the surface exposed to the MRI 10, indicating that the anodic
dissolution rate was very low in the MRI 10 solution. Therefore, the morphologies of these corroded
surfaces were in good agreement with the polarization behaviors shown in Figure 3.

 

Figure 4. SEM micrographs showing the corroded surfaces of SA508 after polarization scans at (a) the
MRI 0.1, (b) the MRI 1, and (c) the MRI 10.

The important corrosion parameters from Figures 1 and 3 are summarized in Table 4. Alloy 600
showed the highest corrosion rate at the MRI 0.1, while the corrosion rates at the MRIs 1 and 10 were
nearly similar. In case of SA508, this alloy also showed the highest corrosion rate at the MRI 0.1, but the
corrosion rate at the MRIs 10 was rather smaller than that at the MRI 1. Consequently, this result
indicates that the molar ratio control method is beneficial only when the crevice chemistry has a low
MRI and pH.

Table 4. Corrosion potentials and corrosion rates of Alloy 600 and SA508 obtained from the
polarization tests.

MRI
Alloy 600 SA508

Ecorr (VSCE) icorr (μA/cm2) Ecorr (VSCE) icorr (μA/cm2)

0.1 −0.314 3.2 −0.532 520
1 −0.446 0.088 −0.732 1.8

10 −0.593 0.064 −0.728 0.19
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As shown in Tables 1 and 2, Alloy 600 is a high-alloyed steel containing 15.7 wt.% Cr and 73.7 wt.%
Ni. Thus, this alloy has an excellent resistance to corrosion in overall pH ranges from acidic to alkaline.
Therefore, the difference between the corrosion rates (icorr) at the acidic MRI 0.1 and at the alkaline MRI
10 is not so large. However, SA508 is an iron-based steel containing only 0.23 wt.% Cr and 0.58 wt.%
Mo and thus has a basically poor corrosion resistance, especially in acidic solutions. From Table 4,
the corrosion rates (icorr) of Alloy 600 were always significantly lower than those of SA508 in all the test
conditions. In addition, there was a significant decrease of icorr for SA508 at the MRI 10 in comparison
with the MRI 1 as well as the MRI 0.1. The reason for this can be attributed to the fact that the solubility
of magnetite is significantly dependent on the pH of a solution [21,22]. The solubility of magnetite at
pH 3 is about 5 × 104 times higher than that at pH 12 in water at 100 ◦C [21]. Therefore, the corrosion
rate of SA508 increases significantly in low pH solutions (i.e., low MRI solutions) with a high solubility
of magnetite because the corroding surface of the alloy cannot be protected by the magnetite film.
Conversely, the alloy showed a passive behavior with a low corrosion current in a potential range of
−0.190 to 0.600 V at the MRI 10 solution of pH 12, owing to a significantly low solubility of magnetite.

Figure 5 shows the potentiodynamic polarization behaviors of Alloy 600 and SA508 in the
solutions with total sodium and chloride ion concentration of 0.011 M and 0.11 M at a constant
MRI 1. The corrosion potentials of Alloy 600 and SA508 were approximately −0.450 V and −0.730 V at
both concentrations, respectively, indicating that the corrosion potentials of the two materials were
not affected by a change in the total ion concentration. The cathodic and anodic current density
of Alloy 600 was also little affected by an increase of the ion concentration from 0.011 M to 0.11 M.
However, the pitting potentials of Alloy 600 decreased from 0.390 V in 0.011 M to 0.170 V in 0.11 M.
In case of SA508, the polarization current density was nearly same in the solutions of 0.011 M and
0.11 M, when this alloy was polarized around the corrosion potential. The above results mean that the
electrochemical corrosion behavior of these materials in a region near the corrosion potentials does not
depend on the total sodium and chloride ion concentrations if the sodium to chloride molar ratio in a
solution is the same. Similar behaviors were also observed at the MRI 0.1 and 10.

Figure 5. Polarization curves of Alloy 600 and SA508 in the 0.011 and 0.11 M solutions at a constant
MRI 1.

From Figure 1, Figure 3, and Figure 5, it is clear that the corrosion potential of SA508 is always
lower than that of Alloy 600 in each test condition. The anodic curve of SA508 also intersects with the
cathodic curve of Alloy 600. This result demonstrates that SA508 is an anodic member of the galvanic
couple and its corrosion rate is accelerated, when SA508 and Alloy 600 are electrically contacted.
When the two materials are coupled in equal area, the galvanic current density (icouple) of SA508, acting
as an anode, is determined at the intersection of the anodic curve of SA508 and the cathodic curve
of Alloy 600. Figure 6 shows the effect of the MRIs on the galvanic corrosion of SA508, based on the
polarization curves. Upon coupling to an equal area of Alloy 600, the current density (icouple) of the
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coupled SA508 was increased by about 2~6 times compared to that (iSA508) before coupling. However,
the area of the tubesheet around a tube is much smaller than that of the tube in actual SGs, because
the tubes are densely inserted into the tubesheet to increase the heat transfer area. Consequently,
the corrosion rate of SA508 would be more accelerated by the effect of small anode (SA508) and large
cathode (Alloy 600). In addition, the galvanic corrosion rate of SA508 was little changed by the total
ion concentration at a fixed MRI as shown in Figure 6. This is because the polarization current density
of the two materials was not affected by an increase in the total ion concentration from 0.011 M to
0.11 M, as shown in Figure 5.

iSA508
iSA508
icouple
icouple

Figure 6. Effect of the MRIs on the galvanic corrosion rate of SA508 coupled to an equal area of
Alloy 600.

An SG tube can be slowly deformed by volume expansion of corrosion products due to corrosion
of the tube support materials adjacent to and around the tube, which is called denting. The denting
was attributed to concentration of chlorides and oxidants such as copper, in the crevices, leading to
rapid corrosion of the tube support materials [2,23]. SG tubes are expanded into the tubesheet of
SA508, a dissimilar metal. Therefore, based on the results obtained in this work, it is worth mentioning
that corrosion of the tubesheet is accelerated by the galvanic coupling itself without concentration of
chemical impurities in the crevices.

4. Conclusions

The electrochemical corrosion behavior of Alloy 600 and SA508 was investigated in solutions with
three different molar ratios of sodium to chloride ions. The corrosion potentials and corrosion rates
of both materials were significantly decreased as the molar ratio increased from 0.1 to 10. Therefore,
it is expected that the molar ratio control method is beneficial only when the crevice chemistry has a
low molar ratio with an acidic pH. The corrosion potentials and corrosion rates were little affected
by the total sodium and chloride ion concentrations if the alloys were polarized not far from their
corrosion potentials. Alloy 600 and SA508 acted as a cathode and an anode, respectively, when they
were electrically coupled. Therefore, this result indicates that the corrosion rate of the SA508 tubesheet
material is accelerated owing to the galvanic coupling effect itself without concentration of chemical
impurities in the crevices.
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Abstract: Galvanised steel atmospheric corrosion is a complex multifactorial phenomenon that
globally affects many structures, equipment, and sectors. Moreover, the International Organization of
Standardization (ISO) standards require specific pollutant depositions values for any atmosphere clas-
sification or corrosion loss prediction result. The aim of this research is to develop predictive models
to estimate corrosion loss based on easily worldwide available parameters. Experimental data from
internationally validated studies were used for the data mining process, basing their characterisation
on seven globally accessible qualitative and quantitative variables. Self-Organising Maps including
both supervised and unsupervised layers were used to predict first-year corrosion loss, its corrosivity
categories, and an uncertainty range. Additionally, a formula optimised with Newton’s method has
been proposed for extrapolating these results to long-term results. The predictions obtained were
compared with real values using Euclidean distances to know its similarity degree, offering high
prediction performance. Specifically, evaluation results showed an average saving of up to 16% in
coatings using these predictions. Therefore, using the proposed models reduces the uncertainty
of the final structures state by predicting their material loss, avoiding initial over-dimensioning of
structures, and meeting the principles of efficiency and sustainability, thus reducing costs.

Keywords: weathered galvanised steel; corrosion; predictive models; optimisation

1. Introduction

Multiple metallic structures and equipment operate in outdoor conditions [1]. In such
cases, one of the main problems related to their stability and durability is corrosion [2,3].
World Corrosion Organization (WCO) estimates the world direct cost of corrosion to be
between 1.3 and 1.4 trillion EUR, 3.1% to 3.5% of a nation’s GDP annually [4].

Corrosion is a very complex phenomenon based on the degradation of a material or
its properties due to its reaction with the environment [5]. Multiple factors [6], particles [7],
and variables [8,9] are involved. The character of the attack and the corrosion rate are
consequences of the system formed by metallic materials, atmospheric environment, tech-
nical parameters, and operating conditions [10]. Corrective factors are introduced in the
design phases to guarantee the structure’s integrity during its useful life [11]. However, the
difficulty of quantifying the material loss causes unnecessary over-dimensioning, leading
to superfluous costs and resources consumption [12]. Proper management of this complex
multifactorial phenomenon is key to sustainable development [13].

To ensure the integrity of the outer layer, structures are designed with physical pro-
tection. Historically, metallic zinc has provided excellent corrosion protection of steel
structures [14]. Unfortunately, corrosion damage also occurs in such systems [15]. Since
corrosion leads to a mass loss, an excess thickness is often considered to ensure service
life. This not only increases manufacturing cost but also does not satisfy the principles
of sustainable engineering efficiency [16]. Therefore, lacking an automated monitoring
system or predictive model, routine thickness monitoring would be required [17]. These

Materials 2021, 14, 3906. https://doi.org/10.3390/ma14143906 https://www.mdpi.com/journal/materials

339



Materials 2021, 14, 3906

phenomena have drawn increasing attention in recent decades due to the resulting catas-
trophic accidents [18] and the growing demand for sustainable designs [19]. For an optimal
selection of materials, atmospheric aggressiveness must be considered. Depending on this,
coating needs can be set.

The current regulation regarding galvanised metallic structures (ISO 9223:2012 [20])
groups the corrosivity level of an atmosphere into six categories. After studying the effect of
corrosion on standard samples during 1 year of weathering exposure, the level of corrosion
rates achieved can be established by measuring weight losses for different materials. This
material’s loss due to corrosion is commonly used as an initial measure for determining
coating requirements. However, material loss margins are allowed within these categories,
and coating thickness designs based on them are not fixed. These margins imply variability
in the amount of material that can be translated into increased costs.

According to [20], two methods are proposed to classify the corrosivity of atmospheric
environments, depending on the availability of experimental data. When experimental
data are available, dose–response functions can be used. However, when no experimental
data are available, corrosivity category estimation using the informative procedure is rec-
ommended, and as stated in the norm, it is based on the comparison of local environmental
conditions with the description of typical atmospheric environments, which may cause mis-
interpretations [21]. Finding the optimum point between efficiency and competitive price,
while remaining within limits, is therefore challenging given the lack of characterisation of
the specific construction site.

The objective of this work is to develop machine learning models that, by analysing
real cases, predict corrosion mass loss of zinc coatings over time. The aim is to characterise
an environment without requiring long testing periods and sampling and generalising
it to any location worldwide, with the data available from international studies. This
considerably increases the existing knowledge about coated steel structure corrosion and
extends it to the full diversity of atmospheres, thereby reducing the uncertainty of its
final state.

This paper starts with a state-of-the-art analysis. Then, it explains the creation of the
database through the characterisation of each sample. Next, the applied methodology
is explained, and modelling and evaluation techniques are defined. Finally, results are
discussed, and the conclusions obtained in this research are proposed.

2. Literature Review

There is a wide range of corrosion problems in the industry, resulting from the differ-
ent combinations of materials, environments, and service conditions [22]. Therefore, the
concern about corrosion is not new. The science of atmospheric corrosion started with
Faraday in the nineteenth century [23]. Another important contribution was made by
Vernon who began systematic experiments in atmospheric corrosion in the 1920s [24]. In
1986, Benarie and Lipfert published their work on atmospheric corrosion [25], relating this
phenomenon to the concentration of certain pollutants and pH of the rain. Subsequently,
Feliu et al. developed regression equations for mild steel, zinc, copper, and aluminium [26].

There are several kinetic corrosion models that attempt to predict atmospheric cor-
rosion over time: the general linear model [27], the power function models [28], and the
power-linear models [29]. However, the corrosion process is influenced by multiple en-
vironmental factors [30]. Therefore, these corrosion kinetic models are valid at specific
locations. When the environmental condition changes, the model may no longer be appli-
cable [31]. It would be interesting to classify the aggressiveness of different atmospheres,
which would allow preventive measures to be taken. Therefore, it is important to introduce
the interaction parameters between environmental factors and corrosion rates for their
efficient prediction.

In accordance with this approach, the ISOCORRAG program was launched in 1986 [32].
The ISO 156 technical committee developed this project with the intention of obtaining
sufficient information to standardise atmospheric corrosion on metals and alloys. Four

340



Materials 2021, 14, 3906

international standards were created as a result of this project: ISO 9223 [21], ISO 9224 [33],
ISO 9225 [20], and ISO 9226 [34]. Since then, these standards have served as practical
guidelines and aids for the design of both structures and their corrosion protection. In
September 1987, the Executive Body for the Convention on Long-Range Transboundary
Air Pollution (CLRTAP) decided to launch an International Cooperation Program with
the United Nations European Economic Commission (ICP/UNECE) [35] whose objective
was to carry out a quantitative assessment of the effect of pollutants on atmospheric cor-
rosion [6]. In addition, a third cooperative program was launched, named MICAT [36]
(Ibero-American Atmospheric Corrosivity Map). Its objective was to understand the mech-
anisms that take place when this phenomenon occurs, to generate, with the data obtained,
mathematical models to calculate corrosion as a function of climate condition or pollu-
tant levels [13]. The three projects evaluated corrosion by measuring mass loss and were
based on what was indicated in the standard for measuring SO2 or Cl− levels and other
pollutant concentrations.

In 1992, the ASTM (American Society for Testing and Materials) published a study
discussing an alternative method for measuring corrosion penetration, with models that
are tighter and more rational than the traditional potential model [37]. In 2003, several
workers compiled atmospheric exposure data from many research reports and journal
articles [38]. R.E. Melchers, an engineer at Newcastle University, focused on studying the
corrosion of metals in marine atmospheres in his studies in 2008 [39] and 2013 [40]. Later,
Morcillo et al. [27] made a comprehensive compilation in the scientific literature on weath-
ering steel atmospheric corrosion [6]. In addition, they developed Damage Functions to
know the damage that a metallic structure can suffer depending on weathering conditions.
In the subsequent years, there have been local experimental studies to characterise this
phenomenon, such as those in Greece [41] and the Czech Republic [42].

The dose–response function is the most widely used. It directly correlates the influ-
encing environmental factors with the corrosion parameters [43]. The basic form of this
function follows the simple linear [36,44] or logarithmic–linear relationships [45]. However,
many researchers also started to depart from judging the effect of each environmental
factor separately and established a new multi-factor combination model [46,47]. A response
surface model (RSM) takes into account the interactive effect and the non-linearity of the
atmospheric corrosion process and allows a better approximation compared to conven-
tional dose–response function models [48]. The models offer a closer approximation of
corrosion rate by introducing different input variables. Temperature, humidity, sulphur
dioxide concentration, and chloride concentration are typically used.

In conclusion, there are different options to predict corrosion rates of metals based
on experimental input data. However, for the cases when pollutants’ concentration is
unknown, the options are limited. Time and cost constraints make the development of
these measurements difficult as they would be unrepresentative when only completed at a
specific point in time. As the environmental conditions continuously change, it is necessary
to know their distribution over larger distances and longer periods of time. All corrosion
related research carried out so far showed that there are certain factors that clearly influence
the corrosion process. Regarding atmospheric corrosion, the factors include temperature,
relative humidity, precipitation level, and pollutant concentrations (SOx, Cl−, etc.) [49,50].
A combination of parameters, such as Time of Wetness (TOW), is also used. TOW represents
the fraction of time when relative humidity exceeds 80% and ambient temperature is above
0 ◦C (h/year) [51].

Climate has a significant influence on corrosion since some of the factors mentioned
above depend on the climatic zone. A Köppen–Geiger classification [52] is the most popular
technique for climate characterisation. According to this method, six precipitation levels
can be distinguished [52]: desert (0), steppe (1), totally humid (2), summer dry (3), winter
dry (4), and monsoon (5). Temperature and relative humidity are easily analysable climatic
variables, and their values are generally accessible. There are also additional factors besides
climate, mainly derived from human activities, whose importance is also significant. It is
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evident that the most populated and most-developed areas with accumulations of vehicles
and high industrial activity have greater corrosive potential. It is also known that materials
situated in areas closer to the sea tend to have a worse corrosion performance. Therefore, it
is necessary to include these additional factors as well as they are critical for the successful
operation of the model.

3. Materials and Methods

3.1. Data

This work seeks a more practical approach to characterise the environment. After a
complete analysis of the data from existing experimental studies, it has been concluded
that ISOCORRAG program data [32] should be used as it also analysed the corrosion in
helical samples. Corrosion rates on helical samples have higher average corrosion rate
values and do not limit corrosion loss to a single direction. This approach is useful in our
case, as it more closely relates to galvanised structures used in civil engineering. Besides,
it includes enough helical specimens distributed globally to represent a wide variety of
cases. The project was carried out at more than 50 different locations in Asia, Europe, and
America (Figure 1). During the ISOCORRAG program, the exposed specimens were used
to determine the first-year corrosion rate. Nevertheless, some of the specimens were also
used to study long term corrosion exposure. Grouped in different sets, triplicate samples
were exposed every 6 months, and left for up to 1 year. The monitoring process lasted from
1986 to mid-1989.

Figure 1. ISOCORRAG program sample’s location.

ISO 9223 and ISO 9224 standards are highlighted for this project. First, ISO 9223:2012 [20]
divides the corrosivity of atmospheres into 6 categories. Each of these categories corre-
sponds to a different corrosion level. For zinc, data are shown in Table 1.

Table 1. Corrosion rates of zinc for first-year exposure for different corrosivity categories according
to ISO 9223:2012.

Corrosivity Category Corrosivity Unit Zinc

C1 Very low μm/year rcorr ≤ 0.1
C2 Low μm/year 0.1 < rcorr ≤ 0.7
C3 Medium μm/year 0.7 < rcorr ≤ 2.1
C4 High μm/year 2.1 < rcorr ≤ 4.2
C5 Very high μm/year 4.2 < rcorr ≤ 8.4
CX Extreme μm/year 8.4 < rcorr ≤ 25
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Second, ISO 9224:2012 proposes a relationship for long-term corrosion exposures. This
relationship is based on the power function according to the following equation:

D = rcorr tb (1)

In Equation (1), rcorr is the first-year corrosion rate, t is the number of years to be
analysed, and b is the environment and metal-specific time exponent.

3.1.1. Variables

Willing to characterise any location worldwide, its atmospheric corrosivity and climate
need to be considered. For this work, three specific types of atmospheric environments
have been introduced as binary synthetic variables, trying to represent the behaviour of
sulphates-related pollution and chlorides deposition:

• Industrial/Non-industrial: industrial are areas with fossil fuel combustion industries
(refineries, thermal power plants, etc.).

• Marine/Non-marine: this characterisation has been made according to the distance from
the coast, considering as Marine any location within 15 km from the seashore [53,54].

• Urban/Rural: locations with more than 5000 inhabitants or 300 inhabitants per square
kilometre have been considered urban locations [55].

Regarding the climate characterisation, temperature, relative humidity, TOW, and
Köppen–Geiger level of precipitation were the main characteristics, unified in a simple,
accessible, and complete way. Therefore, a total of seven numeric predictor variables
were set for the model: mean annual temperature, mean annual relative humidity, TOW,
precipitation, industrial, marine, and urban. The variable to be predicted was the zinc
corrosion loss during first-year exposure, directly taken from experimental studies, and its
atmospheric corrosivity category, based on the standard. Each sample was characterised,
following the rules mentioned above, as explained in Figure 2.

Corrosion loss

D
ATA

BA
SE

ISO 9223:2012
STANDARD Atmospheric Corrosivity Categories

Climate 
characterization

ISOCORRAG
Experimental studies

Urban / 
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Mean 
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Industrial / 
Non-industrial

Marine / 
Non-marine

Mean
RHTOWKöppen-Geiger 
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Atmospheric 
environment 
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Location

Variables:

Synthetic

0

Figure 2. Flow chart for database creation and future locations characterisation.

A summary of variables is shown in Table 2. The mean annual temperature is repre-
sented as T_annual and mean annual relative humidity as RH_annual in the table.

Table 2. Information on new continuous and discrete variables added.

Continuous Variables Discrete Variables

Variable Unit Min Avg Max Variable Range

T_annual ◦C −15 14.5 29.1 Marine 0 (Non-Marine)–1(Marine)
RH_annual % 33 74.7 98 Industrial 0 (Non-industrial)–1(Industrial)

TOW h/year 37 2723 6350 Rural 0 (Urban)–1(Rural)
Precipitation 1–5
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3.1.2. Data Analysis

Data quality and representativeness are crucial for modelling; otherwise, the results
obtained would be inconsistent. Frequency distributions of the 4 discrete variables are
shown in Figure 3. All possible combinations between different environment types (Ru-
ral/Urban, Industrial, Marine) have been observed. In addition, colours show the number
of samples in each of the 5 possible precipitation levels. All precipitation levels were
represented; however, there some combinations were represented more often than others
(urban, industrial, and marine zone).

Figure 3. Frequency graphical analysis of the categorical variables. All possible atmospheric environ-
ment combinations are represented and coloured by precipitation type.

Regarding continuous variables, Figure 4 shows the geographical distribution of tem-
perature and mean annual relative humidity in each location, according to the numerical
values obtained. The data are obtained from web services that use weather stations spread
all over the world. Worldwide distribution of cases has been achieved.

(a) (b) 

Figure 4. Analysis of continuous variables at each location. (a) Distribution of mean annual relative humidity. (b) Distribu-
tion of mean annual temperature.
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3.2. Methodology

The methodology followed in this paper consisted of 6 phases (Figure 5). The prepara-
tory stage (stage zero) in the previous subsection was concluded with the creation of the
database. Then, the remaining five phases included modelling and testing. The first step for
data pre-processing was to identify input variable’s importance for better understanding
their behaviour and obtaining additional information regarding their usefulness in the
final model. This was completed using Multivariate Adaptive Regression Splines (MARS,
Step 1). Then, the next phase was to define the first-year corrosion loss of galvanised
steel. Self-Organising Maps (SOM) were used, including various layers (supersom) of both
supervised and unsupervised learning. The next two steps used the result of the various
layers of this algorithm. The first layer has been the result of using unsupervised SOM,
according to the relationships between the 7 main variables. Zinc corrosion loss during
first year of exposure (Corr_Zn, in μm) was the output variable to be predicted (Step 2).

DATABASE

Model input variablesData pre-processing: MARS

Corrosivity category prediction
First-year corrosion loss: supersom

Long term corrosion loss: ISO 9224:2012 equation + Newton’s Method 

Quality evaluation: Distance model

First-year corrosion prediction

M
O

D
ELIN

G
TEST

Minimum, maximum and most probable 
values

Reliability of the prediction

1 2

3

4

5

0

Figure 5. Flow chart showing the methodology followed in this paper. The six phases proposed are exposed as shown.

The advantage of SOM maps is that in addition to assigning an individual value, an
uncertainty range is also given, obtained by adding the minimum and maximum value
within each neuron. Besides, it is intended that in addition to self-organising according to
the input variables, supersom networks group the data according to the various corrosivity
categories. Then, the second one of the two output layers would be the result of organising
corrosion in a supervised output layer that will assign the corresponding ‘corrosivity
category’ value set to each node by the standard (Step 3). Furthermore, the corrosivity is not
constant with respect to exposure time. In most cases, it decreases with increasing exposure
due to accumulation of corrosion products on the surface. Step 4 includes optimising
the formula that allows the extrapolation of these results to long term results. With
Newton’s method, a nonlinear regression of the formula used by ISO 9224 (Equation (1))
was performed to optimise the value of variable b.

Finally, to test the quality of the predictions, a model based on Euclidean distances was
used (Step 5). This model analyses the model input variables, trying to find the most similar
cases in the database to show their corrosion value and its similarity degree (quality). Then,
in this fifth phase, the results obtained were compared with existing real cases to measure
the quality of predictions using a Euclidean distance model. Although both supersom and
distance models start from the same database and have the same inputs, their purposes are
different. While supersom model gives a corrosion prediction, and a corrosivity category,
the distance model sets the quality of that prediction.

345



Materials 2021, 14, 3906

Techniques

• Multivariate Adaptive Regression Splines (MARS)

One of the most widely used algorithms for solving adaptive computing problems
is MARS [56]. This method consists of approximating an unknown function by the linear
combination of a set of basic functions (products of the model variables) [57]. Among the
key points of the algorithm, it stands out that it autonomously selects the relevant variables
and interactions between them for each subregion. Thus, the dimensionality reduction of
the problem is performed directly by the model, with the advantage of being locally carried
out. Precisely, this benefit can be used to analyse the relevance of the variables likely to
subsequently participate in the model.

• Self-Organising Maps (SOM)

The clustering model, known as SOM, is an unsupervised Artificial Neural Network
(ANN) presented in 1982 by T. Kohonen [58]. This model is based on certain evidence
discovered at brain level and performs a reduction of the dimensionality of the input
space to produce topologically ordered maps. This type of network has competitive,
unsupervised learning. The network itself is in charge of self-organising and discovering
common features, regularities, correlations, or categories in the input data [59,60].

Figure 6 shows the architecture of the model and how each input neuron is connected
to one of the output neurons by weights (w, according to Kohonen’s notation). The output
neurons will therefore have an associated vector of weights which is called the reference
vector (or codebook), also constituting the average vector of the category represented by
the output neuron [61,62].

xx

y

v1 vnv..

wij

Figure 6. General example of SOM model’s topography. Dimensions are expressed by x and y;
v1–n represent each one of the input neurons, and wij is the weight of each vector according to
Kohonen’s notation.

SOM’s utility lies in the holistic visual interpretation of the output rather than in
understanding the underlying processes [63]. Roughly speaking, the output layer (i.e., the
self-organising map itself) contains neurons organised in a rectangular or hexagonal lattice
to represent the entire dataset [58].

The goal of this learning is to categorise the data fed into the network. Similar values
are classified into the same category and, therefore, should activate the same output neuron.
Since this is an unsupervised method, classes or categories must be created by the network
itself through correlations between the input data [64]. However, SOM can also be used
for pattern recognition (supervised learning). The information is given at the end of
the training: if classification is involved, as in this case, the winner-takes-all strategy is
used. This principle can be extended to more layers, generating super-organised maps
(supersom). For each layer, a similarity level is calculated, and the individual similarities
are combined into a single value which is used to determine the winner node.
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• Newton’s method

This nonlinear regression uses Newton’s Surface gradients, which is an unconstrained
linear regression method based on that gradient. The gradient information is provided by
analytically computed gradients. Design variables are modified, while their impact on the
objective function is analysed [65].

• Euclidean distance model

The operation of this model is based on Euclidean distances (dE). This is a non-
negative function used to calculate the distance between two points P = (p1; p2; . . . ; pn)
and Q = (q1; q2; . . . ; qn) on an n-dimensional space [66]. It works on the basis of the
Pythagoras Theorem (Equation (2)) [67]. Results evaluation using this method involves
checking that the model gives a 100 % quality in all the cases studied, i.e., that it perfectly
finds its counterpart.

dE(P, Q) =

√
(p1 − q1)

2 + · · ·+ (pn − qn)
2 =

√
n

∑
i=1

(pi − qi)
2 (2)

To summarise, Table 3 shows the different algorithms used in each phase of the data
mining process.

Table 3. Summary of all models used.

Phase Algorithm

Pre-processing data MARS
Modelling

• Corrosivity category prediction superSOM
• First-year corrosion prediction superSOM
• Long-term corrosion prediction Newton method

Quality evaluation Distance model

4. Results and Discussion

Results obtained in each of the phases are presented below.

4.1. Data Pre-Processing Using MARS

The importance of each of the variables has been analysed, assessing their influence
on the variable to be predicted. Two statistics were used: generalised cross-validation
criterion (GCV) and residual sum of squares (RSS). Both criteria results (blue and red lines)
together with the mean of both results (light blue bars) are shown in Figure 7.
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Figure 7. Variable importance analysis results, using MARS algorithm.
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It is clearly evidenced that variables related to atmospheric pollutants SO2 (Industrial)
and Cl− (Marine) are the most important factors, together with relative humidity, in
agreement with what was previously described in the literature review. They can all be
considered as independent variables, susceptible to providing the model with enough
information to obtain valuable predictions.

4.2. First-Year Corrosion Prediction

The result of the supersom model is a mesh of 7 × 7 hexagonal neurons trained with
the Kohonen algorithm, which provides a good representation of the sample space. The
resulting trained map contains all the data in a vector structure so that the training data
falls on each of the neurons (Figure 8).

Figure 8. Number of cases on each neuron.

Each neuron, filled or not, is represented by a codebook. These neurons are arranged
in such a way that nearby neurons represent points closer to each other. Analysing the
result of the average corrosion values per neuron along the mesh, it can be clearly seen how
the mesh is growing towards the lower right corner. Figure 9 shows this result; the larger
the circle size, the higher the average corrosion. Keeping the neighbourhood properties, a
uniform behaviour is shown, which indicates good training results.

Figure 9. Mean corrosion values per neuron. Corrosion loss in μm per year is represented by
circle size.

4.3. Corrosivity Category Classification

When analysing the results of both output layers, represented in each neuron by its
corrosion rate value, the neurons were grouped, forming zones mostly corresponding to
one type of atmosphere (Table 1). The zones division with different corrosion rates is given
in Figure 10. Both C1 and CX categories were filtered out of the dataset due to a lack of
consistent data. Thus, the far-left zone corresponds to C2 atmospheres, the left zones to
C3, the right zones to C4, and finally, the lower-right end to C5. There is also a transition
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between the values so that the C5 are in contact with C4, C4 with C3, etc., demonstrating
an optimal training.

(a) (b) 

Figure 10. Corrosion zones according to the environment. (a) Corrosion representation (larger circle, more corrosion).
(b) Corrosivity category representation, according to ISO 9223:2012 standard.

The predicted first-year corrosion rates using SOM trained network were compared
with real values. A satisfactory correlation has been obtained (Figure 11), although not all
points perfectly matched their counterpoints. The ideal situation would be if the predicted
values all lied on the diagonal line. The points tend to be located on the upper side of the
graph, meaning that predictions are conservative, and the decisions made based on them
can provide greater safety.

Figure 11. Predicted first-year corrosion values in micron vs. real first-year corrosion values. The
dashed line is the regression line (R2 = 0.7728). The points situated on the diagonal grey line represent
an optimal training.

From the trained network, it is possible to determine the corrosion rate of any situation
to be studied. When introducing a new case to the model, it finds the node that most
closely resembles its input variables. Thus, the output of the model is the corrosion rate
of that node. The uncertainty range is also given, including the minimum and maximum
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values within each neuron. This can be seen with the following example for a case with the
characteristics defined in Table 4.

Table 4. Example of model input data.

Rural Industrial Marine Precipitation T_annual RH_annual TOW

0 1 0 2 11.98 72.1 3218

The case falls into the neuron indicated in Figure 12, which consists of 10 examples.

 
Figure 12. Case study example: the cake portions shown at each node show the contribution of each
variable; the larger the size, the greater its final weight.

Table 5 shows all results obtained. Different conclusions can be made by selecting
the maximum (Corr_max), minimum (Corr_min), and average (Corr_avg) values of the
examples in one single neuron. As a result, when the values with the most or least corrosion
occurring within the projects in the neuron are chosen, the optimistic and pessimistic
predictions can be obtained. Alternatively, β-distribution is used to determine the ‘most
probable’ rate of Corr_Zn, using the maximum, minimum, and average values. On the
other hand, the category is awarded by the weighted average of the categories in each case.
In this case, since all cases are C3, C3 is its category.

Table 5. Example of results for the case study.

Corr_min Corr_avg Corr_max Range Given by the Model Category Range Given by ISO Standard

1.22 1.578 1.91 1.22–1.91 C3 100% 0.7–2.1

Comparing the range given by the model with the range given by the existing standard,
it is observed that the latter represents a much higher uncertainty for each corrosivity
category. Extending this comparison to the entire study scope, possible model predictions
for each category, clustered on similar values and represented by boxplots, can be presented
(Figure 13). Although not all categories are equally distributed, they show, in general,
narrower intervals.

This study is presented as a possible alternative to the informative procedure of the
ISO standard when there is no experimental data available. The results of the informative
procedure regarding atmospheric categorisation provide a range of mass losses for each
material. The current trend among companies and engineers, when no specific experi-
mental information is available, is to use the highest value of each category to make their
decisions. Since corrosion loss values are directly related to the required coating thickness,
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the higher the corrosion loss value, the more coating is required. A coating thickness can
thus be directly determined by the predicted material’s loss.

 
Figure 13. Comparison between each category range offered by the standard using the informative procedure and the
possible mean values and uncertainties offered by the model, represented by clustered boxplots on each category.

The material requirement for coatings can be compared with the largest measurement
proposed by the standard in each category and with the value predicted by the model.
Following the example above, when using a Zn-coating of 1.6 μm (Corr_avg) instead of 2.1
μm (maximum in the range given by ISO), a 24% reduction in material’s costs is obtained.
It is then proposed to carry out this comparison for the rest of the points studied. From a
more conservative perspective, comparing the maximum predicted value (Corr_max) with
the maximum proposed by the standard using the informative method can also be used. In
this way, uncertainties are also considered. By performing this for all data studied during
the evaluation phase, an average saving of 16% in coating material is obtained.

4.4. Long-Term Corrosion Prediction

Once the first-year corrosion rate provided by the supersom model is known, the
long-term loss can be identified thanks to the optimised Equation (1). Table 6 shows the
different values obtained by this optimisation method for each of the corrosivity categories.

Table 6. Results obtained by Newton’s method for optimised b coefficient.

Corrosivity Category Value

C2–C3 0.816
C4–C5 0.704

Figure 14 compares the distribution of relative errors of both models. The nonlinear
regression relative error is represented by a solid black line and the standard formula’s
relative error (ISO 9224) by a blue dashed line. A more uniform distribution is achieved in
the nonlinear regression model.

Figure 14. Comparison between Nonlinear regression and standard’s formula relative errors.
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4.5. Quality Evaluation

For the correct functioning of the model, data were normalised. According to the
previous criteria, the most similar options are shown. The best way to show the results of
this last model is using an application example, which is presented in Table 7. The quality
row shows the percentage assessing the prediction’s quality. The first column represents
all input values of the example. The next three columns show the most similar real results
in the database.

Table 7. Results of the example case, using the distance model.

Variable Example Result 1 Result 2 Result 3

Location Dortmund Bergisch Gladbach Saint Denis London
Quality - 98.10% 98.00% 86.60%

Rural/Urban Urban Urban Urban Urban
Industrial Yes Yes Yes Yes

Marine No No No No
Precipitation 2 2 2 2

T_annual 11.98 11.8 12.3 12.5
RH_annual 72.1 73 73 74

TOW 3218 3149 3146 4021.3
Corr_Zn (μm/year) - 1.60 1.48 1.67
Corrosion Category - C3 C3 C3

Results obtained above show high prediction reliability. Cases similar to the one under
study have been found in the database. The model could also give a satisfactory result for
a case that is not included in the database. Ideally, the results obtained with the proposed
methodology should be compared with the results obtained with existing methods in the
literature. However, since the innovative premise of this study is based on adapting the
input variables to avoid the need for pollutant-specific data, such a comparison cannot be
made. One of the differentiating factors of this classifier model is that to obtain a corrosion
loss rate, values for pollutant concentrations are not needed. Consequently, it may be
concluded that the different algorithms developed are a good alternative for technicians
and engineers to make informed decisions based on their level of risk acceptance. To sum
up, given a specific location and based on the available data, these models can determine
the Zn-coating thickness needed for a successful short- and long-term corrosion resistance,
providing the most probable, optimistic, and pessimistic predictions.

5. Conclusions

In the present work, various models for predicting galvanised coated steel corrosion
damage of metal structures exposed to weathering have been developed. The following
conclusions can be drawn from this research.

The application of a supersom algorithm is considered for first-year corrosion predic-
tion, which allows categorising any environment while obtaining a predicted value, with
satisfactory results. In the cases when no experimental data are available, the model can be
an alternative to the conventional informative method based on pollutant input variables.
The model presented in this work could help civil engineering companies to optimise the
ratio between the minimum coating required and maximum service life, thus contributing
to a significant lifetime extension of steel structures.

The main limitation of the model is that it lacks statistical metrics to evaluate the
performance. To solve this and explore the performance and quality of the predictions, a
quality model based on Euclidean distances was proposed. A long-term corrosion predic-
tion was also optimised based on standards ISO 9224:2012 formula and the exponential
coefficient with Newton’s method.

To cover all different atmospheric environments, more specific characterisations are
required. The future research will focus on including the development of physical variables,
such as wind speed and wind direction. It is also important to feed the model with more

352



Materials 2021, 14, 3906

examples from the lesser-represented categories, as there are notable differences between
C3/C4 categories and the remainder of the cases. Adding new metallic materials will also
be explored, following the same methodology, possibly leading to the development of new
prediction models.
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Abstract: In this work, the high temperature oxidation behavior of Al71Co29 and Al76Co24 alloys
(concentration in at.%) is presented. The alloys were prepared by controlled arc-melting of Co and
Al granules in high purity argon. The as-solidified alloys were found to consist of several different
phases, including structurally complex m-Al13Co4 and Z-Al3Co phases. The high temperature
oxidation behavior of the alloys was studied by simultaneous thermal analysis in flowing synthetic
air at 773–1173 K. A protective Al2O3 scale was formed on the sample surface. A parabolic rate
law was observed. The rate constants of the alloys have been found between 1.63 × 10−14 and
8.83 × 10−12 g cm−4 s−1. The experimental activation energies of oxidation are 90 and 123 kJ mol−1

for the Al71Co29 and Al76Co24 alloys, respectively. The oxidation mechanism of the Al-Co alloys
is discussed and implications towards practical applications of these alloys at high temperatures
are provided.

Keywords: Al alloy; Co alloy; complex intermetallic; oxidation kinetics; oxide scale

1. Introduction

Co-based superalloys are promising materials for high temperature structural applications because
of their high melting points and favorable mechanical properties [1–3]. Applications of these alloys
include gas turbines, aircraft engines, and chemical reactors [4–6]. The Co-based superalloys are
often alloyed with chromium to provide oxidation resistance [7,8]. The superalloys alloyed with
Cr form a compact chromia scale (Cr2O3) on their surface. Nevertheless, at high temperatures and
high oxygen partial pressures, the Cr2O3 scale is prone to degradation. During long-term oxidation,
volatile high-valent oxides of Cr, such as CrO2 and CrO3, start to form at the expense of Cr2O3.
This effect is called “chromia evaporation” and is often pronounced in humid atmospheres [9]. The loss
of protective chromia scale leads to a reduced life span of the Co-based superalloys. Several authors
have, therefore, investigated the possibility of improving the high temperature oxidation stability of
Co superalloys by alloying with Al [10–12]. Al-based alloys form a protective oxide scale composed of
alumina (Al2O3). Al2O3 has a lower growth rate compared to Cr2O3 and is non-volatile. Furthermore,
Al is a non-transition element. It has a smaller tendency to form complex oxides with transition metals
compared to Cr, thereby reducing the risk of scale spallation over time. The formation of alumina scales
may be achieved by pack aluminizing the alloy’s surface [13–15]. The application of Al-Co coatings
could significantly extend the alloy’s lifetime [16–22].

Aluminides are aluminum-based intermetallic compounds with transition metals.
Cobalt aluminides are interesting for high temperature applications since they possess a combination
of high melting points and good corrosion resistance. At ~18–30 at.% Co, different structurally complex
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aluminides in the Al-Co binary system have been observed (Figure 1, [23,24]). These include Al9Co2

(P21/C), Al5Co2 (P63/mmc), Z-Al3Co (P2/m) and family of Al13Co4 phases containing m-Al13Co4

(C2/m), O-Al13Co4 (Pmn21), O’-Al13Co4 (Pnma), Y1-Al13Co4 (C2/m) and Y2-Al13Co4 (Immm) [25–34].
Although the individual cobalt aluminides are brittle [35], the Al-Co precipitates may significantly
strengthen the Al alloys [36,37]. The presence of Al5Co2 and Al13Co4 intermetallic compounds (IMCs)
may also be beneficial in Co-based alloys as they may greatly improve the alloy’s wear resistance [38].
Most aluminides form protective alumina scales with large resistance against corrosion [39].

 
Figure 1. Phase diagram of the Al-Co binary system, redrawn from [23,24].

High temperature corrosion studies of cobalt aluminides are limited. Metal oxidation is
a heterogeneous reaction taking place in several elementary steps [40]. In the first step, a gaseous
oxygen molecule is transported to the metal surface. Upon approaching the solid phase, the adsorption
of oxygen molecules to the metal substrate occurs. Subsequently, the oxygen is dissociated to atoms
and later reduced to the O2− anions. In parallel, oxidation of metal atoms takes place at the metal-oxide
interface. Recently, M. Wardé et al. studied the adsorption of oxygen on the Al9Co2 (001) and Al13Co4

(100) surfaces at high temperatures and reduced oxygen pressures [41]. At the surfaces, only Al–O
bonding was observed. Al–O distances were also calculated from first principles [41,42]. The Al–O
lengths were shorter in comparison with Co–O distances. The obtained Al–O distances were in
agreement with the typical distances of oxygen adsorption on the Al (111) surface, as well as with the
Al–O distances in Al2O3.

Al-rich Al-Co alloys belong to a relatively new group of complex metallic alloys (CMA, [43,44]).
These materials contain structurally complex phases including quasicrystals. The structurally complex
phases have non-periodically ordered atomic arrangements [45,46]. Consequently, the properties of
CMA are different from those observed in traditional materials [43]. The quasicrystalline surfaces
have a good adhesion and low coefficient of friction [47]. Owing to their high hardness and good
oxidation resistance, the Al-TM alloys (TM = transition metal) are suitable for high temperature
coatings [48–51]. The Al-Co CMAs are also interesting for catalytic and hydrogen generation
applications [52–55]. The corrosion studies of Al-Co alloys are limited. Lekatou et al. investigated the
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corrosion behavior of an Al82Co18 (metal concentrations are given in at.%) alloy in saline solution [56].
Three methods of alloy preparation were investigated: casting, arc-melting and free sintering. The alloy
prepared by arc-melting was found to be the most corrosion-resistant. The Al82Co18 alloy was composed
of (Al), Al9Co2 and m-Al13Co4. The complex intermetallic m-Al13Co4 in the alloy was found to have
the highest corrosion resistance. Recently, we have investigated the corrosion behavior of as-solidified
and near equilibrium Al-Co alloys in various environments [24,57,58]. The alloys were composed
of various intermetallic phases. In HCl and NaCl solutions, a pitting corrosion occurred. A higher
corrosion resistance of structurally complex Z-Al3Co phase in Cl-containing electrolytes was observed.
The difference in the corrosion behavior could be ascribed to the strong covalent character of metallic
bonds in the structurally complex Al-Co phases which prevents aluminum diffusion. The studies also
suggest that the existence of an electrical contact between different alloy phases play an important role
in the overall alloy’s corrosion behavior.

High temperature oxidation studies of Al-Co alloys have been limited to Co-rich alloys only.
Zhang et al. investigated the oxidation behavior of Co-5 at.% Al and Co-10 at.% Al alloys at 973 and
1073 K [59,60]. The oxide scales were primarily composed of cobalt oxide and cobalt-aluminum oxide.
The oxides grown on these alloys were relatively thick (>10 μm after 24 h). Only a limited amount of
Al2O3 was found at the inner side of the scales. Irving et al. studied the oxidation behavior of Co-xAl
alloys (0 < x < 32.4 at.%) at 1073–1273 K [61]. The authors found that 20–25 at.% Al is necessary to form
a continuous alumina scale. As such, larger Al concentrations are needed to improve the corrosion
resistance of Al-Co alloys.

To our best knowledge, oxidation studies of Al-rich Al-Co alloys have not been reported yet.
In the present work, we aim to study the oxidation behavior of Al-rich Al-Co alloys in air at
773–1173 K. Two alloys, Al71Co29 and Al76Co24 (composition in at.%) were prepared by arc-melting.
The composition of the Al71Co29 alloy was chosen close to Al5Co2 (71.4 at.%). The composition of the
Al76Co24 alloy was close to Al13Co4 (76.5 at.%). The high temperature oxidation of the alloys was
studied with the aim to identify the role of the alloy’s chemical composition and microstructure on the
overall corrosion behavior.

2. Materials and Methods

The alloys with nominal compositions Al71Co29 and Al76Co24 (metal concentrations in at.%) were
prepared from Co and Al lumps (purity of 99.95%, smart-elements.com) by arc-melting. The melting
was conducted in MAM-1 arc melter (Edmund Buehler Ltd., Bodelshausen, Germany) in high
purity argon. A piece of Ti (oxygen getter) was melted first to remove residual traces of oxygen
in argon. The Co and Al lumps were placed in the center of Cu mold and rapidly melted by striking
an arc from tungsten cathode. The homogeneity of the molten samples was improved by repeated
arc-melting. Subsequently, the melts were solidified on a water-cooled Cu mold to form button ingots.
The as-solidified alloys were removed from the arc-melter, cut into smaller specimens by diamond
blade, and prepared for oxidation experiments. The samples were ground with grade 1200 abrasive
paper and polished with diamond suspensions down to 1 μm surface roughness.

The oxidation behavior of the polished alloys was studied in flowing synthetic air (20 vol. % O2 and
80% vol. % N2). The air flow rate was 20 mL/min. Isothermal oxidation experiments were performed
at 773, 973 and 1173 K. The polished samples were placed in an alumina crucible and heated from room
temperature to peak temperature by heating rate 20 K/min. The oxidation time was 30 h. The mass gain
of the samples was recorded continuously in a chamber of NETZCH STA 409 CD thermogravimeter
(NETZSCH-Gerätebau GmbH, Selb, Germany). After oxidation, the samples were cooled down,
mounted in epoxy resin, and cut perpendicularly to the reaction interface. The cross-sections of the
specimens were prepared by wet grinding and polishing and subjected to microscopy observation.

The microstructure and chemical composition of the alloys was studied by scanning electron
microscopy. During experiments, a JEOL JSM-7600F microscope (JEOL Ltd., Tokyo, Japan), equipped
with an energy-dispersive x-ray spectrometer X-max (EDS), was used. The EDS was operated by

359



Materials 2020, 13, 3152

INCA software (Oxford Instruments Nanoanalysis, Bucks, UK). Regimes of secondary electrons
(SE) and backscatter electrons (BSE) were used during imaging. The accelerating voltage of the
electron beam was 20 kV and working distance was 15 mm. Furthermore, a Panalytical Empyrean
PIXCel 3D diffractometer was used for the phase analysis (Malvern Panalytical Ltd., Malvern, UK).
The diffractometer was working with Bragg–Brentano geometry and used CoKα1 radiation. The X-ray
beam was generated at 40 kV and 50 mA.

3. Results and Discussion

3.1. Alloy Microstructure and Constitution before Oxidation

The Al71Co29 and Al76Co24 alloys were prepared by arc-melting. The microstructure of the
as-solidified Al71Co29 alloy is presented in Figure 2. In this alloy, three different microstructure
constituents have been found. The image was acquired in backscatter electron mode to provide element
resolution. The chemical composition of the constituents, measured by EDS point analysis, is provided
in Table 1. The dendritic constituents have a significantly higher Co concentration (44.8 at.%) compared
to the remainder of the alloy. The other two constituents have 28.1 and 25.4 at.% Co, respectively.
The black areas, found in the microstructure, are pores.

 

Figure 2. Microstructure of the as-solidified Al71Co29 alloy.

Table 1. Chemical compositions of microstructure constituents observed in the as-solidified Al71Co29

and Al76Co24 alloys.

Al71Co29 Alloy

Microstructure Constituent Phase Identified [57] Al [at.%] Co [at.%] Volume Fraction [%]

Light-grey β-AlCo 55.2 ± 0.9 44.8 ± 0.9 8
Medium-grey Al5Co2 71.9 ± 0.4 28.1 ± 0.4 86

Dark-grey Z-Al3Co 74.6 ± 0.4 25.4 ± 0.4 6

Al76Co24 Alloy

Microstructure Constituent Phase Identified [58] Al [at.%] Co [at.%] Volume Fraction [%]

Light-grey Z-Al3Co 74.4 ± 0.1 25.6 ± 0.1 5
Medium-grey m-Al13Co4 75.2 ± 0.2 24.8 ± 0.2 83

Dark-grey Al9Co2 81.5 ± 0.1 18.5 ± 0.1 12

The microstructure of the as-solidified Al76Co24 alloy is presented in Figure 3 in BSE imaging mode.
In this alloy, three different microstructure constituents have been found (light grey, medium grey and
dark grey). The light grey constituent in the Al76Co24 alloy has 74.4 at.% Al and 25.6 at.% Co (Table 1).
As such, its chemical composition is comparable to chemical compositions of the dark grey constituent
observed in the as-solidified Al71Co29 alloy (Figure 2). The medium grey constituent contains 75.2 at.%
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Al and 24.8 at.% Co. The dark grey constituent of the as-solidified Al76Co24 alloy has 81.5 at.% Al and
18.5 at.% Co. The black areas located within the dark grey constituent are pores (Figure 3).

 

Figure 3. Microstructure of the as-solidified Al76Co24 alloy.

A phase assignment of the alloy’s microstructure constituents is presented in Table 1.
The assignment has been made based on the experimental chemical composition of the constituents
obtained by EDS and crystal structure of the phases identified by XRD in our previous work [57,58].
In the studied alloys, altogether five different phases have been identified: β-AlCo, Al5Co2, Z-Al3Co,
m-Al13Co4 and Al9Co2 (Table 1).

The presence of different phases in the alloys indicates that non-equilibrium processes had been
taking place during rapid solidification. The dendritic shape of β-AlCo in the as-solidified Al71Co29

alloy suggests that it solidified first, directly from the melt. The dendritic β-AlCo is located inside the
Al5Co2 phase. Therefore, Al5Co2 was probably formed by partial transformation of β. The Al5Co2

phase is located next to Z-Al3Co (Figure 2). As such, Z-Al3Co was probably formed by peritectic
reaction of Al5Co2 with the surrounding melt.

The as-solidified Al76Co24 alloy was found to consist of Z-Al3Co, m-Al13Co4 and Al9Co2,
respectively (Figure 3). The m-Al13Co4 phase is located next to Z-Al3Co. As such, it was probably
formed by peritectic reaction of Z-Al3Co with the melt. The Z-Al3Co phase has a lower Al concentration
compared to m-Al13Co4 (Table 1). Al9Co2, observed in the as-solidified Al76Co24 alloy, is located next
to m-Al13Co4 (Figure 3). As such, Al9Co2 was probably formed by peritectic reaction of m-Al13Co4

with the remaining melt. It was observed to be porous (Figure 3). The pores are usually formed by
vacancy migration, with sub-grains and natural surfaces serving as sinks [62,63]. In the present case,
the pores were found in the interior of Al9Co2. The preferential pore formation indicates that the pores
could be a result of rapid transformation of the liquid Al9Co2 into solid in the final step of solidification.

3.2. Oxidation Behavior

The oxidation behavior of the as-solidified Al76Co24 and Al71Co29 alloys was studied in flowing
synthetic air at 773, 973 and 1173 K. The microstructure and chemical composition of the oxide scale
were investigated by SEM/EDS. The cross-section of the Al71Co29 alloy after oxidation at 1173 K
is presented in Figure 4. The oxide scale was homogeneous. EDS element maps are included in
Figure 4b–d. The scale was found to be composed of aluminum oxide.

The cross-section image of the Al76Co24 alloy after oxidation at 1173 K is presented in Figure 5.
The thickness of the oxide scale was approximately 1 μm after 30 h of oxidation. The chemical
composition of the oxide scale was studied by EDS analysis. Results presented in Figure 5b show that
the scale was predominantly composed of Al2O3. A small amount of Co (~ 2 at.%) was also detected in
the scale, however, this result is attributable to a possible interference of the bulk alloy signal.
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Figure 4. Cross section of the Al71Co29 alloy after oxidation at 1173 K for 30 h (a) and energy-dispersive
x-ray spectrometer X-max (EDS) element maps for O (b), Al (c) and Co (d).

 

Figure 5. Cross section of the Al76Co24 alloy after oxidation at 1173 K for 30 h (a) and EDS element
maps for O (b), Al (c) and Co(d).

The phase constitution of the oxide scale was studied by room temperature X-ray diffraction.
The diffraction patterns of the Al71Co29 alloy are presented in Figure 6. In the alloy, peaks corresponding
to θ-Al2O3 have been identified. θ-Al2O3 is a metastable alumina phase [64,65]. θ-Al2O3 structures are
based on a cubic close packing of oxygen anions. The cubic close packing of oxygen anions of θ-Al2O3 is
deformed monoclinic. The thermodynamically stable α-Al2O3 adopts a corundum structure. θ-Al2O3

is a transition phase. It transforms into stable forms of alumina during long term annealing [65].
Metastable θ-Al2O3 has been found in oxidized Al-Cu-Fe alloys studied previously [66]. It was formed
initially with an orientational relationship to the substrate. At 1173 K, θ-Al2O3 was found to slowly
transform into α-Al2O3 with an increasing oxidation time (70 h, [66]).

At 1173 K, an orientation of θ-Al2O3 in (002) crystallographic plane has been found (Figure 6).
The same behavior was also observed for the Al76Co24 alloy (Figure 6). This observation indicates
a preferential crystal growth. The morphology of alumina scale formed on the Al71Co29 and Al76Co24

alloys after oxidation at 1173 K for 30 h is given in Figure 7. The scale had a blade-like structure.
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The platelet-like scale morphology is indicative of rapid outwards growth. Alumina scales grow by
counter-diffusion of aluminum and oxygen [67]. The ions, however, diffuse faster in polycrystalline
alumina at near-atmospheric oxygen partial pressures. The scale morphology is indicative of rapid
diffusion through the scale. A grain boundary diffusion was probably the preferred transport path for
the Al3+ and O2− ions in the scale.

Figure 6. Room temperature XRD patterns of the scales formed on the Al71Co29 and Al76Co24 alloys.
For the discussion of the peak marked with an asterisk (*), please refer to the article text.

Figure 7. Blade-like morphology of alumina scale formed on the oxidized Al71Co29 alloy (a) and
Al76Co24 alloy (b) during oxidation at 1173 K.

The un-indexed peak next to θ-Al2O3 (002), marked with an asterisk in Figure 6, is an alumina
peak. The closest match was found for hexagonal form of Al2O3 (reference code 98-017-3713, [68]).
Nevertheless, it should also be mentioned that θ-Al2O3 has a disordered structure [69–72]. As such,
the peak could also be a result of stacking faults (twinning) or other structural defects in θ-Al2O3 [73–75].
The precise peak assignment was not possible, owing to the difficulty to unambiguously distinguish
the various Al2O3 polymorphs by XRD technique alone.

The alumina scale was well adherent to the substrate (Figures 4a and 5a). Nevertheless, locally,
a detachment of the scale on the Al71Co29 alloy was observed (Figure 8). A scale delamination was
found preferentially around β-AlCo dendrites. The situation is shown in Figure 8c. An explanation of
the layer spallation could reside in a mechanical stress developed during oxide growth. The stress is
formed due to different molar volumes of the oxide and the underlying original metal substrate [76].
The stress generated in the oxide during excessive growth may lead to crack formation in the scale.
The pores, cracks and other defects facilitate the access of molecular oxygen to the metal substrate.
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Figure 8. Scale microstructure around β-AlCo dendrites of the Al71Co29 alloy: (a) an overview;
(b) a detailed view; (c) cross section image of the scale.

Another interesting feature was the porosity of β-AlCo dendrites located beneath the spalled scale
of the Al71Co29 alloy (Figure 8b). The voids in β-AlCo were not observed before oxidation (Figure 2).
The voids were thus formed during reaction, probably because of rapid aluminum outward diffusion
from the metal surface. During oxidation, metallic species diffuse out from the alloy bulk to the
alloy/oxide interface. The Al atoms, however, leave behind their vacant sites. The vacancies may have
coalesced into larger defects, giving rise to the observed macroscopic porosity. The oxide spallation
has not been observed on the Al76Co24 alloy. The Al76Co24 alloy is composed of structurally complex
intermetallic phases (Z-Al3Co, m-Al13Co4 and Al9Co2, Figure 3). The surfaces of these phases are
typically Al-rich [77]. Aluminum necessary for the scale growth was readily available at the surface of
complex intermetallics. As such, the diffusion of Al atoms from these phases was less rapid compared
to β-AlCo.

The scale of the Al76Co24 alloy did not show any spallation. It was well adherent to the substrate
and had a wave-like morphology (Figure 5). The wave-like morphology of the scale could be indicative
of epitaxial growth. The XRD pattern showed a preferential orientation of θ-Al2O3 grains in (002)
crystallographic plane (Figure 6). The θ-Al2O3 (400) peak was not observed. The Al76Co24 alloy was
primarily composed of m-Al13Co4, with small amounts of Z-Al3Co and Al9Co2 (Table 1). A preferred
orientation is typical for m-Al13Co4 phase [26,78]. It is therefore likely that the θ-Al2O3 phase was
formed with an orientation relationship to the m-Al13Co4 phase. This may be reflected in the preferential
orientation of the θ-Al2O3 grains, as a result of which the intensities of the peaks of this phase change
and some may disappear [79,80].

The oxide layer on the Al71Co29 alloy, on the other hand, was more uniform (Figure 4).
The preferential layer growth is a self-limited process driven by atomic diffusion, and surface
energy minimization [81,82]. It requires a certain concentration and certain mobility of Al atoms on the
surface. The Al71Co29 alloy was primarily composed of Al5Co2. The Al76Co24 alloy, on the other hand,
was mainly composed of m-Al13Co4 (Table 1). The surface of Al5Co2 is terminated at specific bulk
layers (Al-rich puckered layers) where various fractions of specific sets of Al atoms are missing [83].
The surface of m-Al13Co4 has a higher density of Al atoms when compared to Al5Co2. Previous
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investigations on Al13Co4 (100) showed that it was terminated by a dense aluminum topmost layer [84].
Therefore, the conditions for the atomic diffusion and subsequent oxide growth on the Al76Co24 and
Al71Co29 alloys were different. The preferential oxide growth was less favored on the Al71Co29 alloy.

The mass gain of the samples was recorded by simultaneous thermogravimetry (TGA).
Thermogravimetric curves of the Al71Co29 and Al76Co24 alloys are presented in Figures 9 and 10.
The mass gain of the samples was increasing with increasing time. The kinetic curves obeyed
a parabolic behavior.

Figure 9. Mass gain of the Al71Co29 alloy during isothermal oxidation in flowing synthetic air.

Figure 10. Mass gain of the Al76Co24 alloy during isothermal oxidation in flowing synthetic air.

The parabolic oxidation could be described by the following equation

(Δm
S

)2
= kpt + C (1)

In this equation, Δm
S represents the specific mass gain (mass increase per unit area), kp is the

parabolic constant, t is the annealing time and C is the integration constant. The plot of
(

Δm
S

)2
versus t

was linear and the slope of the line represented the parabolic rate constant. The kp values are collected
in Table 2. The rate constants of the alloys are found between 1.6 × 10−14 and 2.5 × 10−11 g2 cm−4 s−1.
The obedience of the parabolic behavior shows that the oxidation process of the Al71Co29 and Al74Co26

alloys was controlled by ionic diffusion in the scale.
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Table 2. Parabolic rate constants of the Al71Co29 and Al76Co24 alloys in air.

kp [g2 cm−4 s−1]

Al71Co29 Alloy

773 K 973 K 1173 K

1.04 × 10−13 (0–15 h) 1.64 × 10−12 (0–15 h) 9.71 × 10−12 (0–15 h)
4.20 × 10−14 (20–30 h) 1.23 × 10−12 (15–30 h) 5.81 × 10−12 (15–30 h)

Al76Co24 Alloy

773 K 973 K 1173 K

1.63 × 10−14 1.21 × 10−12 (0–15 h) 2.54 × 10−11 (0–10 h)
5.43 × 10−13 (15–30 h) 8.83 × 10−12 (20–30 h)

Oxidation is a thermally activated process. The parabolic rate constants increase with increasing
temperature. The activation energy of oxidation thus could be obtained from the following equation

log kp = log A − 0.434
EA

RT
(2)

In this equation, A is a constant, EA is the activation energy, R is the molar gas constant
(8.3144 J K−1 mol−1) and T is the absolute temperature (in K). The plot of rate constants at different
temperatures is presented in Figure 11. The rate constants follow the Arrhenius-type behavior.
Activation energy has been found from the slope of lines given in Figure 11. The activation energy
of the Al71Co29 alloy is 90 kJ mol−1 and the activation energy of the Al76Co24 alloy is 129 kJ mol−1.
These activation energies are comparable to activation energies for Al oxidation reported by previous
studies [85,86].

Figure 11. Temperature dependence of parabolic rate constants of the Al-Co alloys.

Results presented above show that a protective scale has been formed on the surface of complex
metallic alloys. The rate constants were relatively low, and a thin alumina scale was found on the
surface (Figures 4 and 5). Alumina is formed by the following reaction

4
3

Al + O2 → 2
3

Al2O3 (3)
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The Gibbs energy (ΔG) of reaction (3) is given in Figure 12. ΔG(Al2O3) is very low which indicates
a strong affinity of aluminum towards oxygen. In principle, cobalt oxidation in the Al-Co alloys is also
possible. This reaction can be given by the following equation

2Co + O2 → 2CoO (4)

Figure 12. Gibbs free energies of metal oxidation reactions at elevated temperatures, redrawn from [54].

Nevertheless, ΔG reaction (4) is considerably larger compared to Gibbs free energy for aluminum
oxidation (Figure 12). A further oxidation of CoO is even more energetically demanding [87,88].
Therefore, CoO tends to decompose in reaction with Al. The reaction can be expressed by the
following equation

4
3

Al + 2CoO → 2
3

Al2O3 + Co (5)

In this disproportionation reaction, CoO is reduced, and Al oxidized. The Gibbs energy of
reaction (5) is negative. Therefore, the selective oxidation of aluminum in the Al-Co alloys is
thermodynamically possible.

The oxidation of Co-rich Al-Co alloys was previously studied by Irving et al. [61]. The alloys
were studied in the as-cast state. The authors studied several Co-xAl alloys with x = 0–32 at.%.
Alloys with small Al concentration (< 10 at.%) formed a single CoO layer. Cobalt oxide layer grew with
a considerably higher corrosion rate compared to Al2O3. At intermediate Al concentrations (10–20 at.%),
the authors found that an inner layer of Al2O3 started to form below the outer CoO scale. With increasing
aluminum concentration, a continuous Al2O3 scale has been developed. The comparison of the present
results with those from literature is given in Figure 13. Our data complement the previous results of
Irving et al. The continuous Al2O3 scale forms a barrier to cobalt diffusion. It hinders the nucleation
and growth of cobalt oxides. Irving et al. found that a protective alumina scale can be formed when Al
concentration 24 at.% at 1173 K is reached. Comparable minimum Al concentrations required to form
the external alumina scale were also found for the Ni-Al and Fe-Al alloys [89].

The comparison of the present results with previously studied complex metallic alloys is provided
in Figure 14. Kinetics of oxidation of Al-Cu-Fe and Al-Pd-Mn quasicrystal surfaces was studied in
synthetic air [66,90]. High temperature oxidation kinetics of Al-Cr-Fe complex metallic alloys was
studied in pure oxygen [91]. Our data are comparable to Al-Cu-Fe and Al-Pd-Mn alloys. The parabolic
rate constants of the Al-Cr-Fe complex metallic alloys are lower compared to the remainder of the
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alloys. The oxidation resistance of the Al-Fe-TM (TM = Cr, Cu) alloys is related to the chemical
composition of the oxide scale. The scale found in Al-Cu-Fe alloys was alumina. The scale formed in
Al-Cr-Fe complex metallic alloys, however, was composed of Al2O3 and (Al0.9Cr0.1)2O3. The second
scale component provided an additional barrier against corrosion. Chromium as a third alloying
element may improve the overall oxidation resistance of the alloy. The corrosion resistance of alumina
forming alloys alloyed with chromium is higher compared to alloys without Cr. When a sufficient Cr
concentration is available, a complete chromia scale can be formed on top of the alumina scale [92,93].
The duplex Al2O3/Cr2O3 scale has an outstanding corrosion resistance.

Figure 13. Variation of parabolic rate constants of Al-Co alloys with increasing aluminum atomic fraction.

Figure 14. Parabolic rate constants for metal oxidation of Al-TM complex metallic alloys.

Previous authors also studied the microstructure evolution of the oxide scale. In early oxidation
stages, γ-Al2O3 on the Al63Cu25Fe12 alloy was formed with an orientational relationship to the
underlying Al-Cu-Fe quasicrystal [66]. γ-Al2O3 continued to grow as θ-Al2O3 until the oxide
layer of several hundred nanometers has been formed. θ-Al2O3 was later transformed into
the thermodynamically stable α-Al2O3. α-Al2O3 continued to grow with a nodular morphology.
The oxide-nodule formation changed the growth mechanism. A protective layer formation was no
longer observed. A massive spallation occurred after few days of oxidation [66]. A spallation of Al2O3
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scale from the oxidized Al-Cr-Fe surfaces at high temperatures was also observed [91]. The massive
oxide spallation has not been observed in the present study. However, the oxide spallation was observed
locally on β-AlCo dendrites (Figure 8). It is possible that further stresses in the scale could develop
during long term annealing. Therefore, further experiments on the Al-Co complex metallic alloys are
required to study the effects of long-term annealing and/or thermal cycling on the oxidation behavior.
These studies could shed further light into the long-term oxidation resistance for practical applications
of the Al-Co alloys at high temperatures.

4. Conclusions

In the present work, the oxidation behavior of the Al71Co29 and Al76Co24 alloys (concentration in at.%)
was studied at 773–1173 K in air. The alloys were prepared by rapid solidification of Al and Co lumps
in argon. The alloys were studied in as-solidified state. The following conclusions can be drawn:

1. The alloys were composed of different microstructure constituents. The Al76Co24 alloy was
composed of Al9Co2, m-Al13Co4 and Z-Al3Co. The Al71Co29 alloy consisted of Z-Al3Co, Al5Co2

and β-AlCo. The precipitation sequences of the constituents were explained based on the
equilibrium Al-Co phase diagram and rapid solidification processes taking place during casting.

2. During oxidation in air, aluminum in the alloys was selectively oxidized and a protective alumina
scale was formed on the alloy surfaces. The oxidation kinetics followed a parabolic rate law.
The rate constants of the alloys were between 1.63 × 10−14 and 8.83 × 10−12 g cm−4 s−1, depending
on the annealing temperature. The activation energies of oxidation were 90 kJ mol−1 for the
Al71Co29 alloy and 123 kJ mol−1 for the Al76Co24 alloy, respectively.

3. The scale of the Al76Co24 alloy was adherent to the substrate and had a wave-like morphology.
At 1173 K, a preferential orientation of θ-Al2O3 in (002) crystallographic plane was found.
The scale on the Al71Co29 alloy was more uniform and spallation was observed locally on the
dendritic β-AlCo.

4. The oxidation kinetics of the Al71Co29 and Al76Co24 alloys was comparable to previously studied
Al24Co76 and Al32Co68 alloys where a continuous alumina scale had been formed. The increased
Al concentration contributes to the alloy’s corrosion resistance. The continuous Al2O3 scale forms
a barrier to cobalt diffusion, and it hinders the nucleation and growth of cobalt oxides.
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Abstract: The study was carried out to evaluate five SiMo cast iron grades and their resistance to
chemical corrosion at elevated temperature. Corrosion tests were carried out under conditions of an
actual cyclic operation of a retort coal-fired boiler. The duration of the study was 3840 h. The range of
temperature changes during one cycle was in the range of 300–650 ◦C. Samples of SiMo cast iron
with Si content at the level of 5% and variable Mo content in the range 0%–2.5% were used as the
material for the study. The examined material was subjected to preliminary metallographic analysis
using scanning microscopy and an Energy dispersive spectroscopy (EDS) system. The chemical
composition was determined on the basis of a Leco spectrometer and a Leco carbon and sulfur
analyzer. The examination of the oxide layer was carried out with the use of Scanning electron
microscope (SEM), EDS, and X-ray diffraction (XRD) methods. It was discovered that, in the analyzed
alloys, oxide layers consisting of Fe2O3, Fe3O4, SO2, and Fe2SiO4 were formed. The analyzed oxide
layers were characterized by high adhesion to the substrate material, and their total thickness was
about 20 μm.

Keywords: chemical corrosion; SiMo cast iron; fayalite; hematite; magnetite; maghemite; sulfur
dioxide

1. Introduction

Corrosive behavior of SiMo cast iron in the air and flue gases was presented in the works [1–5].
When we subject pure iron to the corrosion process at elevated temperatures and in the ambient
atmospheric air, a multilayer oxide structure composed of FeO, Fe3O4, and Fe2O3 is formed [5].
For ductile cast iron, an oxide layer is formed, located both in the material and in the surface layer as a
result of migration of Fe atoms [5]. After introducing an alloying element in the form of Si into cast
iron, a SiO2 compound is formed at the metal–oxide layer point of contact, which constitutes a barrier
to further oxidation processes [5]. Simultaneously, SiO2 can react with O, Fe, and FeO. The result of
these reactions may be the formation of fayalite, Fe2SiO4 [6–8]. In the paper [9], the author writes that
the oxide layer on the surface of SiMo cast iron is composed of the following sub-layers situated from
the outside to the inside of the material: Fe2O3, Fe3O4, FeO, FeO + Fe2SiO4.

The oxide layer adheres well to the base material and the inner layer consisting of FeO+ Fe2SiO4 [9].
The higher the silicon content in the base material, the faster the oxide layer forms. A number of studies
concerning the corrosion resistance of SiMo cast iron focus on a relatively short time of exposure to
oxidation (500 h on average) [10]. These studies are conducted mainly in terms of the use of SiMo
cast iron in automotive castings, as described by Rouczka [11] and many other authors [12–17]. SiMo
cast iron is an increasingly popular material, and research on this material is also conducted with a
focus on optimizing the manufacturing process. In their work, Guzik et al. [18] write about the method
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of introducing two flexible hoses with the diameter of Ø 9 mm; one filled with a FeSi +Mg mixture,
and the other with a graphitizing modifier for the treatment drum ladle. Guzik et al. [18] describe it as
a new method of secondary treatment of ferritic cast iron production of SiMo type. This method can be
used for the production of ductile iron melted in an induction furnace [18,19].

SiMo cast iron can also be successfully used in other areas of industry: exhaust parts for combustion
engines, turbocharger housings and rotors, gas turbine components, molds for the glass industry, molds
for aluminum alloys, zinc, forging dies, heat treatment furnace components, aluminum melting furnace
components, and waste incineration furnaces. This happens wherever elevated operating temperatures
and gases resulting from the combustion, e.g., of solid fuels are involved. A good example of such a
system is a coal-fired retort furnace. Nyashina and her team write about the problems related to the
emission of pollutants during the combustion process [20]. Released into the atmosphere with exhaust
gases, nitrogen oxides (mainly NO and NO2) are the main reason why photochemical smog appears,
which reaches the stratosphere to act as a catalyst for ozone layer depletion. Rapid oxidation of NOx
and SOx and their interaction with water vapor in the atmosphere generates tiny droplets of sulfuric
(H2SO4) and nitric (HNO3) acids [20]. Sulfuric acid causes significant losses in the ecosystem, which
has been mentioned by many authors [21]. It is important to optimize the combustion process of solid
fuels in boilers by improving the materials from which these boilers are built. For the above reasons, in
this work, studies of resistance to chemical corrosion of SiMo cast iron were carried out during actual
operation of a retort boiler. The duration of the study was 3840 hours. To date, the corrosion resistance
of SiMo cast iron during the operation of a retort boiler has not been described in the literature. Due to
its properties, it can be successfully used for manufacturing furnace elements fired with solid, liquid,
or gaseous fuels.

2. Methods and Materials

Experimental melts were conducted in an induction furnace (PI25, ELKON Sp. z o.o., Rybnik,
Poland) with medium frequency and a capacity of 25 kg. The charge consisted of steel scrap with
low sulphur content. Other ingredients added during the melting were ferrosilicon FeSi75, synthetic
graphite of carbon content above 99.35%, and FeMo65-rich alloy. The spheroidization process of cast
iron was conducted at the bottom of the ladle after covering the nodulizing agent with pieces of steel
scrap. The magnesium-rich alloy used in the studies was FeSiMg5RE. The studies were carried out
under conditions of cyclic temperature changes in the range of 300–650 ◦C. The duration of the study
was 3840 h. The full cycle time of heating and cooling was 12 min 30 s. A total of 18,432 full cycles of
heat load were carried out. The length of the test cycle was selected so that the samples would reach
the assumed minimum and maximum temperatures. Temperature measurement of the samples was
performed with a NiCr-Ni thermocouple, with no recording of temperature changes in time, and the
measurement of surface temperature of the samples was performed to determine the minimum and
maximum temperature for the test cycle. The tests were carried out under conditions of a reverberatory
furnace (the scheme of a single retort stoker is shown in Figure 1).

The fuel used was bituminous coal with a calorific value of 26–28 MJ/kg, a combustion heat
of 29 MJ/kg, a granulation of 5–25 mm, a humidity of <10%, a maximum ash content of 7%, and a
maximum sulfur content of 0.6%. The fuel used was certified by Główny Instytut Górnictwa (Central
Mining Institute).

In the studies, samples of SiMo cast iron with Si content of 5% and Mo content of 0%–2.5%
were used. The chemical composition was determined on the basis of a Leco spectrometer (Model
No 607-500, Leco Corporation, 3000 Lakeview Ave, St. Joseph, MI, USA) and a CS-125 Leco carbon and
sulfur analyzer (Leco Corporation, 3000 Lakeview Ave, St. Joseph, MI, USA). The chemical composition
of the tested samples is presented in Table 1.
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Figure 1. Scheme of a single retort with (yellow) SiMo samples placed above the stoker.

Table 1. Chemical composition of the tested SiMo cast iron.

Melt Number
Chemical Composition, % of Weight

C Si Mo P S Mg Fe (Balance)

SiMo 1 3.02 5.03 0.01 0.021 0.009 0.032 91.878

SiMo 2 2.94 5.14 0.47 0.020 0.005 0.029 91.396

SiMo 3 3.04 4.94 1.09 0.022 0.005 0.031 90.872

SiMo 4 2.71 5.17 1.92 0.018 0.009 0.062 90.111

SiMo 5 2.74 4.42 2.51 0.022 0.007 0.033 90.268

In order to determine the phase composition of the studied material, X-ray diffraction analyses
were carried out with the use of an X’Pert Pro multipurpose x-ray diffractometer by Panalytical (Almelo,
The Netherlands). The measurements were conducted utilizing filtered radiation of a cobalt anode
lamp (λKα = 0.179 nm) as well as a PIXcel 3D detector on the diffracted beam axis. The diffraction
lines were recorded in the Bragg–Brentano geometry in the angular scope of 10◦–120◦ (2θ), with the
step of 0.026◦ and the step time of 100 s. Furthermore, to obtain more precise information from the
surface oxide layer, grazing incidence diffraction (GID) geometry with a proportional detector on
the diffracted beam axis was used. In this geometry, a primary X-ray beam was set at a constant,
low angle (1.5o) related to the sample plane, which affected the corresponding slope of diffraction
vectors related to the normal to surface. This allowed us to obtain during the measurement a constant
penetration depth of the X-ray beam, limited mainly to the surface oxide layer. The analysis of the
obtained diffraction patterns was made in the Panalytical High Score Plus software (ver.: 3.0e), with
the dedicated Panalytical Inorganic Crystal Structure Database (PAN-ICSD).

The analysis of the structure and the chemical composition was performed on a Phenom ProX
scanning microscope (Phenom-World Eindhoven, Noord-Brabant, Netherlands) equipped with an
energy-dispersive X-ray spectrometer (EDS).

3. Results

3.1. SEM Analysis

Figure 2 shows photos of SiMo cast iron samples after the chemical corrosion resistance test
cycle. The microstructure of the cast iron consisted of a ferritic matrix, graphite nodules, molybdenum
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carbide (Mo2C), a carburized zone (Figure 2e), and the passive layer and the loose oxide layer on the
top surface of the samples. Microstructure components are highlighted in Figure 2.

Figure 2. Microstructure of SiMo cast iron after the corrosion test cycle. SiMo cast iron with addition of:
(a) 0.01% Mo, (b) 0.47% Mo, (c) 1.09% Mo, (d) 1.92% Mo, (e) 2.51% Mo. SEM.
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In all cases (SiMo samples 1–5), the thickness of passive layers is around 10 μm. For elevated
molybdenum content (Figure 2e, SiMo melt 5, 2.51% Mo) in the near-surface layer, the carburized
zone in the form of black inclusions distributed in the vicinity of Mo2C carbide precipitates is clearly
visible. All the cases considered are characterized by a cohesive passive layer tightly adhering to the
sample. No cracks nor defects in the passive layer were observed, even after the process of preparing
metallographic sections (cutting, grinding, and polishing).

3.2. EDS Analysis

Figures 3 and 4 show the collective results of metallographic studies for selected alloys using
the EDS system. The presented results indicate the presence of a loose oxide layer (blue), which is
adjacent to the passive layer. The passive layer is an area also marked in blue, where the area has
an increased silicon content (intense yellow bands on the maps—see Figure 3e, Figure 4e, Figure 5e).
The increased Si content in the passive layer results from the diffusion of iron atoms from this layer to
the loose oxide layer, which makes the area richer in Si. Penetrating oxygen reaches the area enriched
with silicon and forms compounds with it (e.g., SiO2) creating a tight barrier to the propagation of
corrosive phenomena. Of course, a SiO2 compound can react with Fe, O, and FeO, forming a fayalite
Fe2SiO4 [8,17].

Figure 3. Microstructure of SiMo cast iron, 0.01% Mo (a). Elements decomposition maps. Map for
(b) Fe, (c) C, (d) O, and (e) Si.

The characteristic phenomenon of these alloys is their ability to perform so-called “self-healing”.
Removing the passive layer creates a new one in its place. The average thickness of the loose oxide
layer was 10 μm for the tested samples, while the thickness of the passive layer was also around 10 μm.
Of course, the thickness of this layer depends on the local conditions on the surface of the sample
exposed to the corrosive agents.
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Figure 4. Microstructure of SiMo 3 cast iron, 1.09% Mo (a). Map for (b) Fe, (c) C, (d) O, and (e) Si.

Figure 5. View of the carburized layer. SiMo sample 5. 2.51% Mo (a). Map for (b) Fe, (c) O, (d) C, (e) Si,
and (f) Mo.
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Figure 5 shows the analysis of the sample area (for the SiMo melt 5), where a significant degree of
carburation of the casting material layer was observed. The layer is placed under the passive layer.
This can be explained by the high concentration of carbon in the corrosive atmosphere of the furnace,
and the penetration of carbon atoms through the passive layer towards the center of the casting.

3.3. XRD Analysis

The above SEM and EDS results were complemented with X-ray diffraction. Two measurements
of the surface area of a selected sample were made (Figure 6), one with Bragg–Brentano geometry
and the other one using the grazing incidence diffraction (GID) geometry. The GID geometry allows
us to limit the penetration of the X-ray beam, so that diffractive information can be obtained mainly
from the surface layer (in this particular case, the evidence is the almost complete disappearance
of the diffraction lines from the substrate). In the figure below Figure 7, two diffractograms are
superimposed on each other. The blue diffractogram was obtained using Bragg–Brentano geometry
and the red diffractogram using GID geometry at a 1.5-degree tilt of the primary beam in relation to
the measurement plane.

 
Figure 6. View of the loose oxide layer on a SiMo 5 sample. SEM.

 
Figure 7. Diffractogram from a sample. Blue chart, Bragg–Brentano geometry; red chart, grazing
incidence diffraction (GID) geometry. SiMo 3. 1.09% Mo.
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From the results of the analysis presented in Figure 7, the following components of the
surface oxide layer were identified. The compounds identified were, among others: α - Fe2O3

(hematite) with a hexagonal lattice R-3c (98-002-2505), α - Fe3O4 (magnetite) with a cubic lattice Fd-3m
(98-026-3007), γ - Fe2O3 (maghemite) with a cubic lattice Fd-3m (98-017-2905), and a small share of SO2

(an orthorhombic lattice).

4. Discussion

The presented photos of SiMo cast iron samples (Figure 2), after a series of chemical corrosion
resistance tests, clearly show the microstructure of the cast iron with the passive layer and the loose
oxide layer on the surface of the samples. The obtained results are analogous to the results presented
by M. Ekström in his paper [5]. The results obtained by M. Ekström were obtained under different test
conditions in a flue gas atmosphere. For all cases analyzed in the study, the thickness of the oxide and
passive layers oscillates around the level of 20 μm. For elevated molybdenum content (SiMo melt 5,
2.51% Mo) in the near-surface layer, the carburized zone, in the form of black inclusions distributed
in the vicinity of Mo2C carbide precipitates, is clearly visible. The layer is placed under the passive
layer, which is clearly visible in Figure 5. We found no description of a similar case in the available
literature. The obtained effect can be explained by the high concentration of carbon in the corrosive
atmosphere of the furnace; penetration of carbon atoms through the passive layer in the direction of
the casting center, combined with the high concentration of molybdenum in the casting, resulted in the
accumulation of carbon atoms around the precipitates rich in molybdenum (Mo2C carbides).

The results obtained from the XRD analysis allowed for the following components of the surface
oxide layer to be described, among others: α - Fe2O3 (hematite), α - Fe3O4 (magnetite), γ - Fe2O3

(maghemite), and SO2 [22–24].
The X-ray diffraction patterns of magnetite and maghemite are very similar. This is related to

their similar structures. Both of these two oxide phases crystallize in the cubic system and their lattice
parameters are very close. For this reason, it is difficult to differentiate these structures. However,
some works [25,26] report that the maghemite phase gives two additional small diffraction lines at
23.77o (210) and 26.10o (211). One of these, line (210), was identified even on a diffractogram obtained
in Bragg–Brentano geometry. The formed magnetite and maghemite oxide layers do not show the
much higher intensity of line (113) in relation to the highest hematite line (104). This result can be
explained by the similar crystal growth of these oxide phases. Also, some authors report that the
formation of maghemite (γ - Fe2O3) is a result of oxidation of the magnetite (α - Fe3O4) [27,28]. One of
the variables deciding the quantitative share of hematite, magnetite, and maghemite is the range of
oxidation temperature described by M. Marciuš et al. [29].

5. Conclusions

Based on the conducted study, it can be stated that SiMo cast iron is fully resistant to chemical
corrosion during retort furnace operations. All SiMo cast iron samples were characterized by a cohesive
oxidized layer, consisting of a passive layer on the casting material side and an oxide surface layer.

The two layers adhered quite well to one another. No cracks nor defects in any of the elements
of the oxidized layer were observed. The surface oxide layer was found to consist of the following
compounds: Fe2O3, Fe3O4, and SO2.

For the sample with increased Mo content, a significant carburization of the near-surface layer of
the sample was observed, especially in the areas adjacent to molybdenum carbide. The carburized
edge zone of the sample did not affect the corrosion resistance of SiMo cast iron.

The areas strongly enriched with silicon are the fayalite Fe2SiO4 resulting from the reaction of
SiO2 with O, Fe, and FeO.

Due to the relatively low operating temperature range, we suggest that the Mo content in the
alloy be reduced to the range of 0%–0.5% Mo.
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