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Preface to ”Magnetic Nanomaterials”

The constant search for innovative magnetic materials increasingly leads to the creation of highly

engineered systems built in different forms (films, wires, particles), structured on a nanometric scale

in at least one spatial direction, and often characterized by the coexistence of two or more phases

that are magnetically and/or structurally different. The possible coincidence, at the nanoscale, of

the typical size of the system with critical magnetic lengths ruling specific magnetic phenomena (for

instance, the exchange length, below which a ferromagnetic element becomes single domain, or the

exchange-correlation length corresponding to the domain wall thickness) can cause the appearance

of unexpected and amazing magnetic effects. Moreover, the magnetic behavior of the nanomaterials

crucially depends on the structure and morphology of the constituent elements and on the type and

strength of the magnetic interactions between them. Indeed, the study of the magnetic behavior

of nanomaterials continues to arouse great interest for their intriguing fundamental properties and

prospective technological applications.

The main objective of this Special Issue was to contribute to broadening the knowledge on

magnetic nanomaterials, demonstrating the breadth and richness of this research field as well as

the growing need to address it through an interdisciplinary approach. The papers collected in

this book (two reviews and eight regular articles) fulfill this goal in an excellent way. In fact, they

report cutting-edge studies on the production and characterization of a variety of novel magnetic

nanomaterials (nanoparticles, nanocomposites, thin films and multilayers), which have the potential

to play a key role in different technologically advanced sectors, such as biotechnology, nanomedicine,

energy, spintronics, data storage and sensors.

I would like to express my gratitude to all the authors for the remarkable work they have done.

Finally, I sincerely thank Dr. Dexin Wang, MDPI Managing Editor of this Special Issue, for the fruitful

collaboration and the constant support.

Lucia Del Bianco

Editor
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Abstract: The increasing use of magnetic nanoparticles as heating agents in biomedicine is driven
by their proven utility in hyperthermia therapeutic treatments and heat-triggered drug delivery
methods. The growing demand of efficient and versatile nanoheaters has prompted the creation
of novel types of magnetic nanoparticle systems exploiting the magnetic interaction (exchange or
dipolar in nature) between two or more constituent magnetic elements (magnetic phases, primary
nanoparticles) to enhance and tune the heating power. This process occurred in parallel with the
progress in the methods for the chemical synthesis of nanostructures and in the comprehension of
magnetic phenomena at the nanoscale. Therefore, complex magnetic architectures have been realized
that we classify as: (a) core/shell nanoparticles; (b) multicore nanoparticles; (c) linear aggregates;
(d) hybrid systems; (e) mixed nanoparticle systems. After a general introduction to the magnetic
heating phenomenology, we illustrate the different classes of nanoparticle systems and the strategic
novelty they represent. We review some of the research works that have significantly contributed to
clarify the relationship between the compositional and structural properties, as determined by the
synthetic process, the magnetic properties and the heating mechanism.

Keywords: magnetic hyperthermia; magnetic nanoparticles; magnetic aggregates; magnetic interac-
tions; core/shell nanoparticles; multicore nanoparticles; hybrid systems; mixed nanoparticle systems;
chemical synthesis; magnetic heating

1. Introduction

The amazing progress made in the last decade in the production of magnetic nanopar-
ticles (NPs) for biomedical applications has been possible thanks to the close operational
connection between chemistry, physics and biology. Taking advantage of the unique prop-
erties of the magnetic materials at the nanoscale it is possible to prepare colloids that can
be remotely manipulated/stimulated/monitored through a magnetic stimulus [1].

Among the possible uses of magnetic NPs in nanomedicine, those based on their
ability to produce heat under an alternating magnetic field (AMF) have been the subject of
strong research interest for many years. Magnetic NPs can be exploited as heating agents
in oncological treatments by taking advantage of the local heat generated in hyperthermia
therapies or using this heat to trigger other thermosensitive therapies. The heat produced
by NPs delivered at the tumor site can kill the cancer cells [2–9] or inhibit their self-renewal
capacity [10]. Magnetic hyperthermia can enhance the effects of radiotherapy on cancer
cells [11–13] and activate the immune system to fight metastatic tumors [14]. In a different
strategy, magnetic NPs can be incorporated into a biocompatible matrix together with
drug molecules (bound to the NPs or loaded separately) and magnetic heating can be
used to induce the controlled degradation of the matrix and the targeted release of the

Materials 2021, 14, 6416. https://doi.org/10.3390/ma14216416 https://www.mdpi.com/journal/materials
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drug, maximizing its effect and monitoring the treatment [6,15–23]. Comprehensive review
articles can be found in the literature, well illustrating the latest advances and future
prospects in biomedical applications of magnetic heating through NPs [24–29].

Novel types of magnetic NPs are continuously being designed with the ultimate goal
of improving heating performance and biocompatibility. In this process, the knowledge
acquired over time on the magnetism of nanosized structures and on the physics of the heat
generation mechanism directs the efforts for the chemical synthesis of NPs with controlled
magnetic properties and tuned heating capacity. On the other hand, the preparation of
NPs with innovative structural and compositional characteristics offers the possibility to
reveal or better elucidate peculiar magnetic behaviors and thus to expand the fundamental
comprehension of magnetic phenomena at the nanoscale.

The development of the synthetic methods of colloidal magnetic NPs has achieved a
fine control on their size, on the degree of crystallinity and also on their shape [30], which
are key parameters that determine the magnetic properties, particularly the anisotropy
energy barrier associated with the reversal of the magnetic moment [31,32]. A second
important aspect on the development of functional magnetic materials is the effect of the
surface chemistry on the colloidal properties and NP reactivity. In most preparations,
the NPs are coated with a non-magnetic layer (organic, inorganic, ceramic or metallic)
created on purpose or grown as a natural consequence of the synthetic process. The coating
(i) confers biocompatibility to the NPs, (ii) determines their hydrophobic or hydrophilic
character and colloidal stability and (iii) introduces intermediate moieties for the attachment
of drugs or other biofunctional molecules (enzymes, proteins, antibodies) [33]. From
the magnetic point of view, the presence of a non-magnetic coating rules the magnetic
interactions, preventing the exchange coupling—which only occurs between NPs in close
contact—and modulating the strength of dipolar interactions. Furthermore, coatings could
even modify the magnetic properties of small magnetic cores if they bind covalently to the
surface atoms perturbing the electronic state [34].

Over the last decade, the growing interest for magnetic heating agents has led to the
development of new synthesis protocols for the creation of NPs consisting of two magnetic
phases, forming a core/shell structure, or of systems comprising several distinguishable
magnetic elements arranged in complex architectures. In this review, we present some of
the most relevant examples of chemically synthesized systems that exploit the magnetic
coupling between two or more constituent magnetic elements (magnetic phases, primary
NPs) to enhance and tune the heating efficiency. We will focus on those works that have
significantly contributed to clarify the connection between the compositional and structural
properties, analyzing in detail the synthetic process, the magnetic properties and the
heating mechanism. Since these elements are known to be strictly intertwined, elucidating
their relationship is never trivial. In fact, each new material has its own peculiarities and
the elements of knowledge acquired for a system cannot be applied directly and uncritically
to another, but an in-depth study is needed. For this reason, the aim of the review is to
analyze the most common strategies followed to optimize the heating performance of
interacting magnetic systems. Thus, after a brief presentation of the fundamental principles
underlying the magnetic heating mechanism, highlighting the principal structural and
magnetic parameters involved in it, we will address the following classes of magnetic
systems (Figure 1):

(a) Core/shell nanoparticles (CS_NPs): NPs with a core/shell structure made of two
different magnetic phases, typically iron/iron-oxide and hard/soft ferromagnets.
The magnetic properties are ruled by the magnetic exchange coupling between the
two phases;

(b) Multicore nanoparticles (MC_NPs): Nanosized isometric (i.e., sphere-like) structures
comprising more cores, i.e., primary NPs, of the same magnetic phase. The cores
are structurally connected or held together by chemical bonds and are subjected to
exchange or dipolar magnetic interactions;
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(c) Linear aggregates: Anisometric assemblies of dipolar interacting NPs (chains and
columns, namely 1-dimensional and 3-dimensional structures, respectively);

(d) Hybrid systems: Hybrid magnetic materials, i.e., consisting of magnetic NPs incorpo-
rated in a matrix with different chemical nature, such as lipid structures, polymers or
silica. Attention will be focused on systems structured in such a way that the NPs are
confined in a delimited spatial region and thus inevitably form magnetic aggregates;

(e) Mixed NP systems: Assemblies obtained by mixing together two populations of NPs
differing in composition and/or shape, which implies a different magnetic anisotropy
and possibly different colloidal properties.

Figure 1. Scheme showing the different classes of magnetic NP systems whose magnetic heating
performance is determined by the synergy between two or more constituent magnetic elements.

Most of the systems described in this review are made up, in whole or in part, of iron
oxide. The term ‘magnetic iron oxide’, which is widespread in literature on magnetic NPs,
is generally used to indicate the ferrimagnetic iron oxide phases, i.e., magnetite (Fe3O4)
and maghemite (γ-Fe2O3). These phases present a good degree of biocompatibility and
iron oxide in the form of NPs is one of the few inorganic nanosystems approved by the U.S.
Food and Drug Administration (FDA) for use in human patients. As maghemite can result
from the oxidation of magnetite, iron oxide NPs are often reported to consist of a mix of
these two phases [35,36]. On the other hand, the two phases have similar inverse spinel
structures, which are very difficult to be experimentally distinguished at the nanoscale.

This review does not include all the reported cases of magnetic NPs which show the
unwanted and uncontrollable tendency to aggregate during the synthesis or during the
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magnetic heating process under the action of the AMF. We exclusively focus on designed
NP systems for magnetic heating applications, prepared by chemical methods, which
possess as strength point the synergistic union of different magnetic components.

2. Basis of the Magnetic Heating Phenomenon

This section summarizes the basic physics concepts on the phenomenon of magnetic
heating generated by NPs, in order to highlight the main structural and magnetic param-
eters involved in it. To deepen the subject, we refer the reader to the article by Carrey
et al. [37] and to the review by Perigo et al. [38]. In particular, the article by Carrey et al. is
a rigorous presentation of the theory behind the magnetic heating effect, which has also the
merit to clearly point out the improper separation, made in several experimental articles,
of the mechanisms responsible for the heating between ‘hysteresis losses’, produced by
NPs in the ferromagnetic regime, and ‘relaxation losses’ produced by NPs in the super-
paramagnetic regime. This separation is misleading since the heat released by an assembly
of magnetic NPs under an AMF, per unit volume and during one cycle, is equal to the area
A of the resulting hysteresis loop (magnetization vs. AMF field amplitude). Therefore,
the magnetic energy losses are always hysteresis losses. The Specific Absorption Rate
(SAR) parameter quantifies the efficiency of the NPs to transform magnetic energy into
heat and corresponds to the product between A and the frequency fm of the applied AMF.
According to this definition, SAR is expressed in W/m3 units (SI system). Usually, the SAR
quantity is given in W/kg units, which is obtained by dividing by the mass density ρ of
the NPs, namely

SAR = Afm/ρ [W/kg] (1)

It is well known that, below a critical size, a magnetic NP becomes single domain, in
order to minimize the magnetostatic energy, and its magnetic moment lies along one of the
magnetic anisotropy axes (i.e., the easy magnetization directions). In the case of uniaxial
anisotropy, the moment has only two stable orientations separated by an energy barrier
KV, where K is the magnetic anisotropy coefficient and V is the NP volume. The action of
an externally applied field H on the NP is described by the Stoner-Wohlfarth model, which
essentially provides the magnetization M vs. H at different values of the angle θ between
the anisotropy axis and the applied field [32].

Two limiting cases can be distinguished. (i) When the field is parallel to the anisotropy
axis (θ = 0), a perfectly squared hysteresis loop is obtained with maximal area given by

A = 4μ0MSHK = 8K (2)

where MS is the NP saturation magnetization (in this case, MS coincides with the remanent
magnetization Mr) and μ0HK is the anisotropy field, which corresponds to 2 K/MS (in this
case, anisotropy field, switching field and coercivity HC coincide). (ii) When the field is
perpendicular to the anisotropy axis (θ = π/2) no magnetic hysteresis is observed.

In the case of an assembly of non-interacting randomly oriented identical NPs,
the hysteresis loop features a remanent magnetization Mr = 0.5 MS and a coercivity
HC = 0.48 μ0HK. Accordingly, the loop area is reduced and it can be approximately
estimated as

A ≈ 4μ0MrHC = 2μ0MSHC = 1.92K (3)

The Stoner–Wohlfarth model considers the temperature T = 0 K, i.e., does not take
into account thermal effects on the magnetization process. However, temperature activates
magnetic relaxation processes, i.e., the thermal energy can assist the magnetic field in
promoting the reversal of the NP moment. Therefore, the coercivity decreases on increasing
temperature. Moreover, when the anisotropy energy barrier is comparable to the thermal
energy or lower, the moment overcomes the energy barrier without the need of an applied
field and is free of thermally fluctuating between the two energy minima corresponding
to the stable orientations, similarly to the atomic spins of a paramagnetic material. This
phenomenon is known as superparamagnetic relaxation. An assembly of superparamag-

4



Materials 2021, 14, 6416

netic NPs can be brought to magnetic saturation by an external field, but it does not exhibit
magnetic hysteresis, i.e Mr and HC are null.

Magnetic relaxation effects can be dealt with in the framework of the Néel relaxation
theory and hence considering the existence of a relaxation time for the moment reversal.
Under the assumption that the atomic spins of the NP rotate coherently in the reversal
process (macrospin approximation), the Néel expression for the relaxation time of the NP
moment is:

τN = τ0exp(KV/k B T) (4)

where kB is the Boltzmann constant, hence kBT is the thermal energy, and τ0 is the flipping
time. The latter inversely depends on the gyromagnetic ratio γ0, usually given in angular
frequency [39], and it is generally assumed equal to 10−9 s.

The observed magnetic behavior of the NP depends on the value of τN with respect
to the measuring time tm characteristic of the used investigating technique (fm = 1/tm is
the measuring frequency). The NP is in the superparamagnetic regime for τN < tm (or for
fmτN < 1) and in the blocked ferromagnetic regime for τN > tm (fmτN > 1). Conventionally,
the transition between the two regimes occurs at τN = tm (i.e., fmτN = 1). It follows that
the temperature TB (blocking temperature) that marks the passage between the blocked
regime and the superparamagnetic one is expressed by the relation (in which f0 = 1/τ0):

TB = KV/kBln(t mf0) (5)

Therefore, TB shifts to higher values with reducing tm, i.e., with increasing fm. For DC
measurements by SQUID (Superconducting Quantum Interference Device) magnetometer,
a value tm = 100 s is usually considered (i.e., measuring frequency fm = 0.01 Hz).

Accordingly, for a fixed temperature T, the critical volume above which a NP is blocked
and below which it is superparamagnetic is:

VP = ln(tmf0)kBT/K (6)

For instance, from the above equation, at tm = 100 s and T = 300 K, the critical diameter
for a spherical magnetite NP is ~26 nm, setting K equal to the magnetocrystalline anisotropy
of the bulk phase (1.1 × 105 erg/cm3).

Regarding the magnetic hysteretic properties of an assembly of NPs subjected to an
AMF with amplitude Hmax and frequency fm, two principal scenarios can be distinguished,
depending on the value of the parameter ξ = μ0MSVHmax/kBT.

The first is described by the so-called Linear Response Theory (LRT), which assumes
that the magnetization M is linear with the magnetic field [37,40]. This assumption sub-
stantially coincides with the condition ξ < 1, which is therefore a fundamental requirement
for the applicability of LRT. Hence, for fixed MS and V, the LRT theory ceases to be valid
at sufficiently high Hmax values. Moreover, it is possible to show that LRT can be more
adequately applied to strongly anisotropic NPs [37].

The hysteresis loop area A for randomly oriented NPs, predicted by LRT, is related to
the imaginary component of the magnetic susceptibility χ” through this relation

A = πμ0H2
max χ′′ =

πμ2
0H2

maxM2
SV

3kBT
fmτN

1 +
(

fmτN)
2

(7)

It is worth noticing that the AC magnetic susceptibility, as obtained from the Casimir–
Du Pré model [41], depends on 	τN where 	 corresponds to 2πfm, actually. However,
as observed by Dormann et al. [39,42], if the gyromagnetic ratio γ0 is given in angular
frequency, 	 has to be replaced by fm. Accordingly, for AC magnetic measurements, the
measuring frequency, that is the reciprocal of the measuring time tm, coincides with the
field frequency (for this we have indicated them both as fm) [39,42]. Therefore, a resonant
phenomenon is essentially observed on varying fm. In fact, according to Equation (7), A is
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null for fmτN << 1 (full superparamagnetic regime) and for f mτN >> 1 (full ferromagnetic
regime) and reaches a maximum for fmτN = 1 (transition between the two regimes), which
is the resonant condition. Apart from a few exceptions [43–46], most studies on the heating
properties of magnetic NPs refer to the LRT, even when the criterion ξ < 1 is not fulfilled.
Indeed, if the condition ξ < 1 is not satisfied, a different scenario opens. Regarding the fully
superparamagnetic NPs, also in this case they are useless for generating heat because of
their null hysteresis. The loop area of single-domain NPs in the full ferromagnetic regime
can be predicted by the Stoner–Wohlfarth model, eventually including also the thermal
dependence of the coercivity, namely considering A(T) ~ 4μ0MrHC(T). This approach is
valid under the assumption that the assembly is substantially saturated by Hmax, which is
not always the case, actually. Highest area values are reached by adjusting Hmax well above
the anisotropy field HK. The loop area increases with increasing Hmax up to the value at
which magnetic saturation is attained. For a fixed Hmax, the SAR parameter increases with
increasing fm, unlike what occurs in the LRT frame, in which the loop area and hence the
SAR are maximized by setting fm = 1/τN.

In magnetic heating experiments, care should be taken to select Hmax and fm so that
their product does not exceed 5 × 109 A/ms, which is indicated as the criterion to avoid
detrimental effects on living organs in medicine applications [47].

Above a critical size, which depends on MS and K, the description of the NPs as canon-
ical single magnetic domains, whose atomic spins reverse coherently, is no longer valid
and therefore the Stoner-Wohlfarth model cannot be applied. In fact, closure magnetization
configurations, i.e., vortex-type, and incoherent reversal modes may become energeti-
cally favored, resulting in a lower coercivity and hence narrower hysteresis loops [48–51].
Obviously, the same is true for particles with a multi-domain configuration [31,52].

It should be also remarked that neither the Néel relaxation theory nor the Stoner-
Wohlfarth model consider the existence of interparticle magnetic interactions. This is
exactly one of the main points that we will address in the following, namely how the
magnetic heating response of an assembly of magnetic nanoheaters is influenced by
magnetic interactions.

When the NPs are dispersed in a fluid, another magnetization mechanism may be
active besides the internal rotation of the moments, namely the physical rotation of the NPs
due to the torque action exerted by the magnetic field and under the influence of thermal
effects [40,53,54]. The process is usually described within the Brownian relaxation theory,
by introducing a relaxation time defined as

τB = 3η VH/kBT (8)

where η is the viscosity of the solvent and VH is the hydrodynamic volume of the NP [40].
As in the Néel relaxation, the magnetic behavior of a NP subjected to Brownian re-

laxation depends on the value of τB with respect to the measuring time tm. Hence, the
relaxation mechanism that ultimately rules the magnetic reversal behavior of the NP is that
with the shortest relaxation time, under the adopted experimental conditions. The hydro-
dynamic volume VH is usually larger than the physical one and can be strongly altered
by the tendency of the NPs to aggregate during the synthetic process, under the action
of electrostatic or magnetic interactions. Moreover, the application of the AMF during
the heating tests can result in the formation of chains and agglomerates of NPs [55–58],
namely VH can change in an unpredictable way. Hence, Brownian motion is a quite difficult
phenomenon to evaluate and govern in practice.

Operatively, the heating capacity of a NP assembly can be assessed through a calori-
metric method, namely by measuring the temperature increase during time of a fluid
containing a certain amount of NPs, subjected to the AMF. The SAR parameter is calculated
using the relation [59]

SAR =
C

mNPs
· ΔT

Δt
(9)
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where C is the heat capacity of the sample (taken equal to the heat capacity of the fluid, if
that of the NPs is assumed negligible), mNPs is the mass of the magnetic NPs and ΔT is
the temperature increase during the time interval Δt. In the initial slope method, which is
probably the most often used, ΔT/Δt is calculated as the slope of the linear curve fitting
the initial portion of the heating curve.

The SAR parameter estimated by Equation (9) is usually given in W/g units or, in
the case of ferrite NPs, in W/gFe units (i.e., watts per gram of iron). In literature, the
same physical quantity expressed by SAR can be found indicated with different names:
specific loss power (SLP), specific power loss (SPL), specific heat power (SHP), specific
power absorption (SPA).

Another parameter, the intrinsic loss power (ILP), has been also proposed, given by

ILP =
SAR

fmH2
max

(10)

ILP is defined on the assumption that SAR depends quadratically on Hmax and linearly
on fm, namely in the LRT context. Thus, normalizing SAR by these dependences should
allow the heating efficiency at different experimental conditions of the applied field to be
directly compared [60].

However, at present, the wide variety of customized instruments for magnetic heating
tests and the lack of standardized protocols make it very difficult, if not impossible, to
compare SAR values measured on different NP systems. In order to be comparable, SAR
values estimated using a calorimetric method should not refer just to tests carried out at
the same field frequency and amplitude, but also in similar thermodynamic conditions [59].
Moreover, it would be advisable to disperse the NPs at a similar concentration and in the
same solvent.

3. Core/Shell Nanoparticles (CS_NPs)

The concept behind CS_NPs, consisting of two different magnetic phases, is to ex-
ploit the interface exchange coupling to tune the magnetic anisotropy and therefore the
hysteretic properties (coercivity, remanent magnetization). In fact, this magnetic coupling
can give rise to an additional source of anisotropy, i.e., exchange anisotropy, for the mag-
netically softer component, as first observed by Meiklejohn and Bean, decades ago, in
ferromagnetic/antiferromagnetic Co/CoO CS_NPs [61]. Since then, the exchange coupling
mechanism has been studied in a number of different systems (NPs, films and patterned
structures) consisting of at least two magnetic phases with different intrinsic anisotropy
and, in many cases, also with different magnetic nature (ferromagnetic, antiferromag-
netic, ferrimagnetic). The exchange anisotropy is also responsible for the exchange bias
effect [61–65], i.e., the horizontal shift of the hysteresis loop, particularly interesting for
technological applications in spintronic devices [66].

In ferromagnetic/antiferromagnetic and ferromagnetic/ferrimagnetic CS_NPs, the
exchange anisotropy produces an increase in coercivity, compared to that measured in the
single-phase ferromagnetic cores [63,67–69]. Moreover, the exchange bias effect can appear
when the assembly is cooled in a static magnetic field across a critical temperature, below
which the anisotropy energy of the harder component (antiferromagnetic or ferrimagnetic,
possibly showing a spin-glass-like behavior) is larger than the exchange interaction energy
at the interface with the soft ferromagnetic phase. This is the case of iron/iron oxide NPs
for example, whose exchange coupling has been strongly investigated [70–76]. CS_NPs of
this type are particularly interesting because, thanks to the presence of the metallic iron
core, the saturation magnetization is higher than that of iron oxide, but the oxide shell
guarantees resistance to oxidation and biocompatibility.

In hard/soft ferromagnetic systems, the exchange anisotropy can produce a charac-
teristic reversible demagnetizing curve (exchange-spring behavior) and, most remarkably,
the coupling between the hard component, with high coercivity, and the soft compo-
nent, with high saturation magnetization, results in a high value of the maximum energy
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product [77–79]. This phenomenon paved the way for the creation of a new generation of
high-performance permanent magnets [80].

The chemical routes to produce CS_NPs includes co-precipitation in water [81,82],
thermal decomposition in organic media, metal reduction in microemulsions [83], hy-
drothermal synthesis [84] and electrodeposition [85]. However, the most widely used
and most efficient in terms of crystallinity, homogeneity and shape control is the two-
step thermal decomposition method in organic media, named as seed-mediated method.
On the first step, the core crystals are formed controlling carefully the size and surface
orientation. The crystals formed are used in a second step to induce a heterogeneous
nucleation of the shell phase to control the growth and avoid secondary
nucleation [86–89]. Some examples of the materials explored are: Fe/CoFe2O4 [90];
CoFe2O4/ZnFe2O4 or ZnFe2O4/CoFe2O4 [91]; CoFe2O4/MnFe2O4 or MnFe2O4/CoFe2O4 [92];
MnxFe3−xO4/FexMn3−xO4 [88]; Mn3O4/Fe3O4 or Fe3O4 /Mn3O4 [89]. A simpler alterna-
tive is the surface treatment of ferromagnetic metallic NPs to produce a thick and stable
layer of antiferromagnetic or ferrimagnetic oxide, as is the case for Fe/Fe3O4 NPs [93–96].
Although simpler, this route offers a poor control on the shell thickness and low stability of
phase composition due to oxygen migration towards the metallic core.

In this context, Zhang et al. were among the first to study iron/iron oxide CS_NPs for
prospective biomedical applications (hyperthermia and magnetic resonance imaging) [97].
Their work was particularly focused on the surface engineering of the CS_NPs, in order to
make them highly biocompatible. Iron NPs were synthesized by reduction of an iron salt
by NaBH4 in a water-in-oil microemulsion solution of n-octane and water, in the presence
of two surfactants, cetyl trimethyl ammonium bromide (CTAB) and n-butanol. The volume
ratio between oil phase and water phase was increased to decrease the size of the iron NPs
from 20 to 8 nm. The passivation procedure generated the core-shell structure of the NPs,
with trimethylamine N-oxide ((CH3)3NO) that worked as a mild oxidant and flowing Ar
for two days to improve the stability. Finally, phosphatidylcholine was assembled on the
surface of the NPs to make them biocompatible. CS_NPs of ~20 nm in size, subjected to a
AMF of 150 Oe at 250 kHz, could produce, in 60 s, a temperature increase higher than that
obtained using single-phase iron oxide NPs.

Another interesting core/shell system with high MS and good air stability was pro-
posed by Meffre et al. [98]. It consisted of Fe(soft)/FeC(hard) NPs, prepared by first
obtaining the iron metal cores by thermal decomposition of an iron organometallic com-
pound [99] and then, adding Fe(CO)5 under H2 and heating at 120–150 ◦C. Final size of
CS_NPs could be finely controlled between 12 and 15 nm by varying the average size of
the initial iron(0) nanocrystals or the Fe(CO)5 concentration. To render the CS_NPs water
soluble, the organic coating was exchanged with dimercaptosuccinic acid (DMSA). This
method allowed the control of the amount of carbon diffused and therefore the tuning of
the anisotropy of the CS_NPs. A SLP value of 415 W/g was measured in the best samples
(AMF of 20 mT and frequency 96 kHz).

Tsopoe et al. carried out a comparative study on the exchange bias effect in antiferro-
magnetic/ferrimagnetic CS_NPs, with structure NiO/Fe3O4 and Fe3O4/NiO [100]. These
structures were also synthesized in two steps: first the precipitation in water of the NiO or
Fe3O4 core; then the precipitation of the other salt in the presence of the core and sodium
acetate in ethylene glycol, in an autoclave at 180 ◦C for 10 h. CS_NPs between 30–35 nm
showed colloidal stability thanks to the polyol rests at the surface. Both types showed
higher SAR values in comparison to single-phase magnetite NPs, owing to the interface
exchange coupling; the system with magnetite as shell exhibited higher exchange bias
and SAR.

It is known that the structure of iron/iron oxide CS_NPs can deteriorate due to
the interdiffusion of atoms between the core and the shell. This may even lead to a
shrink of the core and to the formation of a hollow structure in the so-known Kirkendall
effect [101]. The influence of this process on the heating efficiency was investigated
by Nemati et al., studying Fe/γ-Fe2O3 CS_NPs obtained by thermal decomposition of
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Fe(CO)5 [102]. They found that with increasing the NP average size from 8 to 14 nm, the
core/shell morphology was retained for a longer period of time and the heating efficiency
improved. In hollow NPs, obtained by annealing the previous samples at 180 ◦C for
one hour under oxygen, the heating efficiency decreased, rendering them less useful for
magnetic hyperthermia application.

Famiani et al. also produced Fe/FexOy CS_NPs with tunable sizes (12, 15, 18, and
20 nm) by thermal decomposition of Fe(CO)5 and used dopamine molecules to function-
alize the iron oxide surface, replacing the native oleylamine groups through the catechol
groups [103]. Larger sizes were obtained in this case by increasing the amounts of iron
precursor and extending the injection time. The authors evaluated the retention of the
stable magnetic α-Fe core upon exposure to air and after ligand exchange and its resulting
effect on the magnetic hyperthermia.

Lee et al. exploited the hard/soft coupling mechanism to maximize the heating
efficiency of magnetic ferrite NPs, different from magnetite and maghemite [104]. They
studied CS_NPs made of a hard core of CoFe2O4 (9 nm in size) and a soft shell of MnFe2O4
(3 nm-thick). At T = 5 K, the coercivity was between the values of single-phase CoFe2O4
and MnFe2O4 NPs; the CS_NPs were superparamagnetic at room temperature. The SLP
(tested in AMF of 37.3 kA/m and 500 kHz) was one order of magnitude larger than that of
single-phase CoFe2O4 and MnFe2O4 NPs, with size 9 nm and 15 nm respectively. These
CS_NPs were prepared by thermal decomposition in organic media, by the seed-mediated
method. CoFe2O4 NP was used as a seed and synthesized by thermal decomposition
of Co(acac) with 1,2-hexadecanediol in the presence of oleic acid and oleylamine [86];
MnFe2O4 was over-grown by thermal decomposition onto the surface of the seed NP,
adding MnCl2 and Fe(acac)3 in the presence of oleic acid, oleylamine and trioctylamine,
and heating at 365 ◦C/1 h. As-synthesized CS_NPs were transferred to the aqueous
phase by modification of the surface using dimercaptosuccinic acid. Using the same
synthetic method, the authors were able to prepare various core/shell combinations,
including CoFe2O4/Fe3O4, MnFe2O4/CoFe2O4 and Fe3O4/CoFe2O4, demonstrating the
possibility to tune the magnetic anisotropy of the CS_NPs and their SLP, which ranged
between 1 and 4 kW/g. These remarkably high SLP values were obtained with the AMF
indicated above, i.e., in testing conditions that did not fulfill the safety criterion for medicine
applications [47], already mentioned in Section 2. It can easily be verified that the same
consideration applies to many of the studies cited in this review, actually.

S. Liebana-Vinas et al. studied ferrite cores of soft MnFe2O4 or hard CoFe2O4 prepared
by the same method described above, covered by a 2–3 nm Fe3O4 shell formed in a second
step, with an overall size in the 10 nm range [105,106]. In both types of cores, the addition
of the magnetite coating produced an improvement of the heating efficiency, but the effect
was definitely more marked in the case of CoFe2O4, in which an increase of SLP by a factor
of 24 was experienced [105]

Fabris et al. reported on the possibility to control the heat generation mechanism
of colloids of Fe3O4/ZnxCo1−xFe2O4 CS_NPs by changing the shell composition with a
similar seed-mediated growth method [107]. In particular, they showed that the effective
anisotropy of the whole core–shell structure could be tuned by the substitution of Co2+

by Zn2+ ions in the shell. Increasing the Zn concentration of the shell, from x = 0 to 1.00,
decreased the magnetic anisotropy and, in turn, this effect provided a way to select the
magnetic relaxation mechanism, Brown or Néel, which dominated the heating process.

Lavorato et al. synthesized by seed-mediated growth method Fe3O4/CoxZn1−xFe2O4
CS_NPs, whose heating properties could be optimized by modulating their shell composi-
tion and thickness and, hence, by finely controlling the interface exchange coupling and the
resulting effective anisotropy [108]. They reported SLP up to ~2.4 kW/g for water colloids
and ~1 kW/g for immobilized particles (AMF of ~63 kA/m and 309 kHz). The authors
also showed that a reduction in the shell thickness or Co/Zn ratio favored the appearance
of a collective magnetic behavior, arising from the competition between the dipolar and
anisotropy energies of the CS_NPs. Such collective behavior led to the formation of chains
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in the colloid, which, according to the authors, was likely to be responsible for the large
heating powers exhibited by their samples (see also Section 5).

Indeed, the magnetic heating mechanism has been studied in several types of CS_NPs,
with different core size and/or shell thickness: Fe3-xO4 core (~4 nm) coated by a CoFe2O4
shell of variable thickness (1.0, 2.5, 3.5 nm) [109]; soft Fe3O4 core (varying between ~6 and
10 nm) and hard CoFe2O4 shell (varying between ~1 and 4 nm) [110]; Fe3O4 core (~6.3 nm)
and CoFe2O4 shell (thickness 0.05, 1.0 and 2.5 nm) [111]; 14 nm sized NPs of Co ferrite
core and a Mn-ferrite shell and inverted structure, with shells of varying thicknesses [112];
hard CoFe2O4 core and soft Ni0.5Zn0.5Fe2O4 shell (total size ~9 nm) [113]; hard CoFe2O4
core and soft AlFe2O4 shell (total size ~14 nm) [114]; Fe3O4 core and ZnCoFe2O4 shell and
inverted structure (total size ~10 nm) [115].

CS_NPs with different CoFe2O4 core size (varying between ~4.4 and 8.4 nm), chemical
nature of the shell (MnFe2O4 and iron oxide), and shell thickness (between ~1.9 and 3 nm)
were prepared by Angotzi et al., using a seed-mediated growth strategy in an alcohol
media and using an autoclave for heating [116]. In this case, initial cores were obtained by
decomposition of metal oleates in a mixture of solvents (pentanol, octanol or toluene and
water) in an autoclave at 180 or 220 ◦C/10 h and the shell was grown on the initial cores
in a second reaction in the autoclave, adding the metal oleates in toluene, pentanol and
water [117]. For all sets of samples, those with iron oxide shells featured higher heating
efficiency and the thicker the soft shell, the better the performance.

In this framework, which highlights a general positive effect of hard/soft coupling
in nanoheaters, perhaps the only exception is the article by Pilati et al. [118], dealing
with ZnxMnyFezO4/γ-Fe2O3 and ZnxCoyFezO4/γ-Fe2O3 CS_NPs. These CS_NPs were
prepared by hydrothermal coprecipitation of metal salts in aqueous alkaline medium at
100 ◦C and the iron oxide shell was deposited onto them by precipitation of Fe(NO3)3. The
authors elucidated how the chemical composition affected the saturation magnetization,
the anisotropy and the heating properties of the CS_NPs. The two different sets of CS_NPs,
having either hard or soft ferrite cores and soft maghemite shell, did not present evidence
of any interfacial exchange coupling contribution to their power absorption efficiency.

A heating efficiency as high as 10.6 kW/g (AMF of 37.3 kA/m and 500 kHz,) was
measured by Noh et al. in cubic CS_NPs of Zn0.4Fe2.6O4 core (50 nm in edge) and CoFe2O4
shell (5 nm in thickness) [119]. The total size of the CS_NPs was ~60 nm and they did not
exhibit superparamagnetic behavior (Figure 2). This high efficiency was attributed not only
to the presence of the hard CoFe2O4 shell, but also to the cubic shape of the CS_NPs that,
compared to the spherical shape, allowed to reduce magnetic disorder effects and hence to
attain a saturation magnetization of the core closer to the value of the bulk phase.

As a matter of fact, the shape of the NPs has been proved to have a strong impact on
the magnetic heating mechanism [120–123] and iron oxide nanocubes are among the best
performing materials [52,124–126].

The good synergy between cubic shape and exchange coupling was also demonstrated
by Yang et al., who measured SAR = 1.21 kW/g in superparamagnetic CS_NPs composed
of a spherical FePt core, of ~4.1 nm in size, embedded inside a cube of Fe3O4, so that the
total size was ~14.7 nm (AMF of 18.8 kA/m and 630 kHz) (Figure 3) [127]. Again, we
should emphasize that all these NPs showing high heating efficiency (SAR larger than
1 kW/g), were prepared by thermal decomposition in organic media, which is a method
especially interesting for synthesizing CS_NPs with the low size dispersity, the good surface
crystallinity and the homogeneous coating, required to maximize the coupling between
the hard and soft phases. This method guarantees a strict control over the composition,
structure, and morphology of the NPs. The main drawback of this technique is the difficulty
of scaling up and the use of harmful and non-environmentally friendly reagents.
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Figure 2. (a) Electron energy loss spectroscopy (EELS) mapped images of cubic CS_NPs with
Zn0.4Fe2.6O4 core and CoFe2O4 shell. (i) Yellow and (ii) blue regions represent Fe and Co, respectively,
and (iii) the merged image. (b) Magnetic hysteresis loops measured at T = 300 K on the CS_NPs
and Zn0.4Fe2.6O4 cubic NPs with similar size (~60 nm). The coercivity of the CS_NPs was ~1900 Oe,
14 times larger than that of the single-phase cubes (~140 Oe). Adapted with permission from
Ref. [119], Copyright 2012 American Chemical Society.

Figure 3. (a) Transmission electron microscopy (TEM) image of CS_NPs composed of a spherical FePt
core embedded in a cube of Fe3O4. (b) Heating curves measured on the CS_NPs (sample FePt@IONP)
and, for comparison, on single-phase magnetite cubic NPs (sample IONP) and on commercial iron
oxide NPs (Resovist). Resovist and IONP showed SAR values of 0.39 and 0.92 kW/g, respectively,
while the CS_NPs exhibited a value of 1.21 kW/g (AMF of 18.8 kA/m and 630 kHz). Adapted from
Ref. [127] under CC BY_NC 4.0 International License.

4. Multicore Nanoparticles (MC_NPs)

MC_NPs are sphere-like nanosized aggregates of magnetically interacting ‘primary’
NPs (i.e., the cores). Other terms can be found in literature to refer to this type of structures,
such as clusters, nanoclusters, nanoassemblies and nanoflowers.

The magnetic interactions between the primary NPs, exchange or dipolar in type,
improve their magnetothermal stability. Therefore, MC_NPs can exhibit either ferromag-
netic behavior at room temperature or superparamagnetic relaxation, but at higher TB
compared to the constituent NPs (obviously, under the same measuring conditions). These
two different possibilities depend on the sizes of the primary NPs and of the final aggre-
gated structure and also on the type and strength of magnetic interactions between the
primary NPs, which in turn are determined by their spatial arrangement. All these factors
ultimately depend on the chemical synthetic method, which determines the reaction rate
and the degree of fusion between the cores [128]. Thus, depending on the viscosity of
the media, the temperature and the heating time, multicore structures made of individual
random cores or well-oriented cores can be obtained.
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In a very large number of articles on magnetic NPs, the absence of magnetic hys-
teresis, usually ascertained by DC magnetometers (typically SQUID or vibrating sample
magnetometer, VSM), is considered as an evidence that the NPs are in the superparam-
agnetic regime. In our opinion, although the measurement of null values of HC and Mr
strongly supports this interpretation, it does not constitute definitive proof. Using DC
magnetometry, a complete study of the magnetic relaxing behavior of the NPs should
include the measurement of hysteresis loops at different temperatures and the evaluation
of the anisotropy energy barrier distribution, and hence of the TB distribution, through
the analysis of the thermal dependence of the thermoremanent magnetization or of the
zero-field-cooled (ZFC) field-cooled (FC) magnetization [39,71]. Particularly in the case of
magnetic NPs that tend to form spherical aggregates, it is not uncommon to measure null
values of HC and Mr at a temperature significantly lower than the higher TB of the assembly
assessed by ZFC-FC magnetization measurements [129]. The possible explanation is that
the moments of the NPs arrange in low-remanence flux-closure configurations [55,130–132].
This occurs in order to minimize the energy of the aggregate as a whole, reaching a bal-
ance between the magnetostatic energy, the anisotropy energy and the contribution of the
magnetic interactions between the NPs, all of which vary with temperature due to the
thermal dependence of MS and K. Therefore, one can observe that both Mr and HC de-
crease strongly on increasing temperature and possibly become smaller than the measuring
experimental error.

As for MC_NPs, the onset of low-remanence magnetic configurations is certainly not
favorable as regard the heating efficiency and therefore it would deserve attention. On
the other hand, regardless of the real reason behind the absence of magnetic remanence
at room temperature, this feature has been considered a point of strength of this type of
nanostructures, just as it is for single-core superparamagnetic NPs [133]. In fact, a null or
small remanence implies that dipolar interactions between the MC_NPs are suppressed
or strongly decreased. This reduces the risk of formation of large agglomerates, in the
micrometer range, that may occlude blood vessels of a patient and cause dangerous side
effects. Regarding biomedical applications, the relatively large size of MC_NPs favors high
cellular uptake and prolonged circulation in the blood stream [134–136].

In general, ascertaining whether the magnetic behavior of MC_NPs is dominated by
exchange or dipolar interactions is not simple and in some articles the item is not explored
in detail, actually. However, exchange and dipolar interactions may influence the overall
magnetic properties of spherical aggregates differently depending on their nature, which is
magnetizing and demagnetizing respectively. In Sections 4.1 and 4.2, we will try to better
highlight the role of exchange and dipolar interactions and we will present some selected
examples taken from literature, also on the basis of the scientific novelty they represented.

Different synthesis methods have been described for the preparation of iron oxide
MC_NPs with sizes between 20–250 nm, starting from Fe(II), Fe(III) or a mixture of both, in
organic, aqueous and polyol media, using different surfactant to control the reaction rate
and finally, using different heating sources, microwave, autoclaves or a heating mantle [128].
It is worth mentioning that, when the synthesis is performed in aqueous media, large
aggregates with poor internal order are generally obtained. When the synthesis is in
organic media, multicore structures have been reported as intermediate steps, with a
certain degree of internal order [137]. However, when the synthesis takes place in polyol
media, the adsorption of solvent molecules on the primary cores causes in situ-oriented
aggregation [138]. It has been shown that polyol molecules are mainly adsorbed on some
specific faces, favoring intermolecular hydrogen bonding from one covered core to another.
Interestingly, at high surface coverage, polyol molecules are detached leading to a highly
ordered multicore nanostructure.

In fact, one of the most used methods for preparing MC_NPs with internal exchange
interactions (Section 4.1) is the synthesis in polyol media because of its versatility and
reproducibility [139]. The polyol is a polar media to dissolve the precursors and determine
the maximum temperature of heating. Then, there is a biocompatible complexing agent,
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that can be polyacrylic acid (PAA) or polyethylene glycol (PEG), and a base, sodium
hydroxide, sodium acetate or an amine, that initiates the nucleation of the precursors and
form the initial cores. Then, these cores are immediately aggregated into three dimensional
nanostructures, stabilized with the excess of the complexing molecules.

MC_NPs around 40–50 nm were obtained by the polyol method using iron(III) acety-
lacetonate as precursor, tri(ethylene glycol) (TREG) and triethanolamine (TREA) heated
to reflux and maintained at the refluxing temperature (245–280 ◦C) under the argon flow
for 1 h [140]. Increasing the amount of base concentration, the nucleation of the iron oxide
NPs became faster, so that the nucleated particles tried to aggregate to reduce their surface
energy. By a similar method, but using diethylene glycol (DEG), Mn-doped iron oxide
MC_NPs of 50 nm were prepared [141]. This method allowed the successful incorporation
and homogeneous distribution of Mn within the MC_NPs. Slightly smaller sizes, 24–29 nm,
were obtained by using a mixture of glycols, diethylene glycol (DEG)/tetraethyleneglycol
(TEG) in a heating mantle up to 250 ◦C [142]. By using a microwave-assisted polyol ap-
proach Fe2(SO4)3, sodium acetate and PEG in EG, MC_NPs of 27 to 52 nm could be obtained
at 200 ◦C, increasing the size with the increase in reaction time from 10 s to 600 s [143].
Much larger MC_NPs (<250 nm) were be obtained by using an autoclave assisted polyol
method, starting from Fe(III) in EG, urea and PAA, composed of many Fe3O4 nanocrystals
with size < 10 nm [144].

Clustering previously synthesized primary NPs is the preferred route for obtaining
MC_NPs with internal dipolar interactions (Section 4.2). First, individual NPs are obtained,
either in water or in organic media, coated with oleic acid and then they are aggregated in a
second step, using either citric acid, for example for the hydrophilic ones, or an oil in water
emulsion, using a surfactant such as CTAB [145]. In general, these methods involving
synthesis and aggregation of NPs yield non-uniform and large size distributions, having
mainly dipolar magnetic interactions between cores.

4.1. MC_NPs with Internal Exchange Interactions

Exchange interactions are possible in multicore structures when the primary NPs are
in a very close contact, substantially fused together. The terms ‘grains’ or ‘nanocrystals’
are also used instead of primary NPs. This condition of intimate and extensive structural
connection is usually accompanied by a good degree of crystallinity of the grains and hence
a high saturation magnetization, comparable to that of bulk materials. In fact, surface and
structural/magnetic disorder effects that mostly affect single-core ferrite NPs, such as an
alteration of the spinel structure and spin-canting [146–151], are strongly reduced.

In bulk nanocrystalline magnetic materials, the exchange interaction tends to couple
ferromagnetically the atomic spins of neighboring nanocrystals, in competition with their
local magnetic anisotropy. This can cause a reduction of the effective magnetic anisotropy
of the system, compared to that of the individual nanocrystals, and hence of the coercivity.
If the size of the nanocrystals is comparable to their ferromagnetic exchange correlation
length, the anisotropy decrease is restrained [152]. On the other hand, if the nanocrystal size
is lower than the ferromagnetic exchange correlation length, the local magnetic anisotropy
is substantially averaged out to zero, which leads to superior soft magnetic properties [153].
Being magnetizing in nature, exchange interactions result in high susceptibility and favor
the remanence of the magnetization.

Passing to MC_NPs, it must be considered that the magnetic properties and their
thermal evolution, including the magnetization configuration, are determined by the
interplay between this exchange-coupling phenomenology and small-size effects, i.e.,
magnetic relaxation and magnetostatic effects. The examples here below demonstrate that
this interplay can actually lead to excellent heating capacity.

In a 2009 article, Dutz and coworkers stressed the suitability of MC_NPs for biomedi-
cal applications, particularly magnetic hyperthermia and cell separation [154]. The authors
reported about water-based suspensions of aggregates of ~40–80 nm (coated by a car-
boxymethyldextran shell) consisting of primary iron oxide NPs with mean size of 14 nm
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(Figure 4). The synthesis was carried out by coprecipitation in aqueous media (100 ◦C). The
material showed ferrimagnetic behavior owing to the exchange interaction between the
cores [133]. The highest SAR ~ 330 W/g was measured in MC_NPs with hydrodynamic
size of ~82 nm (AMF of 11 kA/m and 400 kHz).

Figure 4. Typical TEM images of (a) a MC_NP consisting of exchange-coupled iron oxide cores and
(b) an ensemble of MC_NPs. Reused with permission from Ref. [154], Copyright 2009 Elsevier B.V.
All rights reserved.

In the same year, Barick et al. prepared Fe3O4 spherical MC_NPs of ~40 nm in size
by the polyol method (EG, 200 ◦C) [155]. The MC_NPs were porous and composed of
highly crystalline primary NPs of ~6 nm, which, as observed by TEM, were pseudoepitaxi-
ally fused together. At T = 300 K, the MC_NPs showed a higher magnetic susceptibility,
compared to that of 6 nm Fe3O4 NPs taken as reference, and a much higher magneti-
zation (~64.3 emu/g under a static field of 20 kOe). This behavior was explained in
terms of a collective magnetic behavior of the primary NPs, induced by exchange cou-
pling and dipolar interactions. Although we agree that, due to the porous nature of the
MC_NPs, both types of magnetic interactions could be active, the increased susceptibility
and magnetization seem more consistent with predominant exchange interactions, in our
opinion. No magnetic hysteresis was observed at T = 300 K and the authors concluded that
the MC_NPs were superparamagnetic. Although the article was mainly focused on the
excellent properties shown by these nanostructures as contrast agents in Magnetic Reso-
nance Imaging (MRI), the ability to generate heat under an AMF was also demonstrated
(SAR = 92.62 W/gFe in AMF of 10 kA/m and 425 kHz).

Lartigue et al. prepared maghemite MC_NPs through a polyol process similar to the
previous one (TEG, 220 ◦C) [156]. In particular, they obtained citrate-stabilized nanostruc-
tures ranging from single-core NPs of 10 nm to MC_NPs, with different mean size (19.6,
22.2, 24 and 28.8 nm). Transmission electron microscopy (TEM) techniques revealed that
the MC_NPs consisted of merged grains sharing a same facet, namely the grains had the
same crystalline orientation and the continuity of the crystal lattice at the grain interfaces
could be clearly observed (Figure 5a). The saturation magnetization of the MC_NPs was
close to that of bulk maghemite, unlike that of single-core NPs which was 30% lower,
while the magnetic anisotropy was reduced (1.75 ÷ 2.5 × 104 J/m3 for MC_NPs and
2.6 × 104 J/m3 for single-cores). The MC_NPs were superparamagnetic at room temper-
ature, as observed by SQUID, but the blocking temperature TB was considerably higher
than that of the single-cores. Based on the whole of experimental results, the authors
hypothesized that the cores were exchange interacting. Heating tests were carried out
for different AMF amplitudes (9 ÷ 29 kA/m) and frequencies (100 ÷ 700 kHz). Under
all conditions, a 2 ÷ 10-fold SAR increase was observed for MC_NPs with respect to
single-cores. In AMF of 29 kA/m and 520 kHz, the largest sized MC_NPs produced the
highest SAR (above 1.5 kW/g) (Figure 5b,c). The authors concluded that the combination of
reduced anisotropy and enhanced magnetic moment, made possible by magnetic ordering
and exchange interactions at the grain interfaces, preserved the superparamagnetic-like
behavior of the MC_NPs and simultaneously increased the thermal losses.
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Figure 5. (a) High resolution TEM image of a maghemite MC_NP consisting of merged grains with
the same crystalline orientation. (b) Heating curves measured on the MC_NPs and on single-core
NPs (AMF of 29 kA/m and 520 kHz). (c) SAR value comparison between the MC_NPs (sample
called MC0) and commercial magnetite NPs (BNF_starch) at different frequencies for a magnetic
field amplitude of 25 kA/m. Adapted with permission from Ref. [156], Copyright 2012 American
Chemical Society.

This work by Lartigue at al. was published shortly after another article by the same
group, in which the authors described in detail the polyol synthetic protocol and discussed
the formation mechanism of maghemite MC_NPs, with variable size, made up of grains of
approximately 11 nm [157]. The article highlighted the great heating capacity of this type of
structures and for MC_NPs of 24 nm a SLP value as high as ~2 kW/g was reported (AMF
of 21.5 kA/m and 700 kHz). In this article, the authors did not mention the possible role
of exchange interactions and the exact heating mechanisms was not delineated, actually.
However, they already observed that the MC_NPs were single crystalline and that, probably
thanks to the high crystallinity degree, had a high saturation magnetization, close to that of
bulk maghemite or, in some samples, even the same.

The polyol method was also used by Gavilán et al. starting from an Fe(III) salt to
prepare maghemite MC_NPs of ~60 nm, but with different size of the cores [158]. In fact, on
increasing the reaction time, the MC_NPs undertook a crystallization process that increased
the core size from ~11 nm to ~23 nm, as well as the saturation magnetization (Figure 6).

An enhanced magnetic susceptibility and a smaller coercivity, compared to that of
36 nm single-core NPs, indicated a collective magnetic behavior of the constituent primary
NPs. The highest SLP (~1.13 kW/gFe in AMF of 23.8 kA/m and 710 kHz) was measured
in water suspension of MC_NPs with the largest core size (i.e., 23 nm). This value was
5 times larger than that of MC_NPs with cores of 15 nm and 1.5 times larger than the 36 nm
single-core NPs. However, a drastic decrease (~37%) of the heating performance of the
MC_NPs tested in a viscous medium (agar 2%) was reported.
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Figure 6. Structure of maghemite MC_NPs at different reaction time (2–48 h) during the synthesis
with polyol method: (a) X-ray diffraction patterns; (b) core size calculated by Scherrer’s equation.
(c) Representative TEM images. (d) Magnetization curves measured on the samples at T = 290 K: MS

increased from 48 to 90 Am2/kg with prolonging the reaction time, as well as HC (0.5−2 kA/m).
Adapted with permission from Ref. [158], Copyright 2017 American Chemical Society (further
permissions related to the material excerpted should be directed to the ACS).

Indeed, a similar effect was also observed for 25 nm MC_NPs, similar to those of
Refs. [156,157], by comparing heating tests in water and in high viscosity glycerol [159].
The authors reported an even stronger decrease of the heating efficiency (up to 90%)
for MC_NPs in cellular environment (i.e., attached to the cell membrane or internalized
within intracellular vesicles), though this result seems somewhat contradictory to the
previously reported good ability of these nanostructures to kill breast cancer cells under
AMF exposition [156]. It was argued that the heating reduction was due to the inhibition
of the Brownian mobility in glycerol and in the cells, caused by the high viscosity.

In fact, in MC_NPs, the magnetization by Brownian motion may be relevant due to
the large magnetic moment they can acquire in an applied field. However, particularly
in the case of dispersion in biological media or confinement in cells, aggregation states
can be favored and hence dipolar interactions can come into play, which affect the heating
mechanism [160–162]. This point is further addressed in Sections 4.2 and 6.

Bender et al. studied the hyperthermia performance of dextran coated maghemite
MC_NPs, of about 39 nm in size, constituted by exchange-coupled 5−15 nm cores and
hydrodynamic sizes (z-average) of 56 nm with a polydispersity index of 0.099 [163]. The
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heating tests were carried out on the colloidal dispersion whose viscosity was changed by
adding glycerol (AMF of 8.8 mT and rotational frequency 	 = 5.9 × 106 Hz). Considerably
high ILP values were measured (~7 nHm2/kgFe) and nearly independent of the viscosity,
indicating that, at this high AMF frequency and under the adopted experimental conditions,
the heat was generated by internal magnetization processes and not by Brownian relaxation.

Hence, the problem of the efficiency of MC_NPs in highly viscous media, including
cells, is complex, somewhat controversial, but certainly can be a concern. It depends in
part on the existence of remanence in these multicore structures or on the poor colloidal
stability in different media that may lead to agglomeration of the material. On the other
hand, several articles have confirmed the excellent suitability of these nanostructures as
hyperthermia agents in cancer treatments.

Dutz et al. performed heating tests (AMF of 25 kA/m and 400 kHz) on maghemite
MC_NPs of 40–60 nm in size dispersed in fluid (SAR = 400 W/g) and embedded in gelatin,
i.e., immobilized as in a tumor tissue (SAR = 262 W/g) [164]. In spite of the SAR reduction,
in vivo experiments in mice demonstrated that these MC_NPs heated a tumor of about
100 mg by about 22 ◦C within the first 60 s of treatment.

Hemery et al. compared the efficiency of iron oxide MC_NPs (29.1 nm) and single-
core NPs (14.5 nm) for magnetic hyperthermia treatments on glioblastoma cells [134]. The
samples were produced by a polyol method [165] and for this study the authors selected
samples with SAR of 265 W/g and 134 W/g for the MC_NPs and for the single-core
NPs, respectively (AMF of 10 kA/m and 755 kHz). The study highlighted the superior
efficiency of MC_NPs for magnetic hyperthermia, leading to 80% cancer cell death, which
was ascribed to the higher SAR and better cellular uptake.

Shaw et al. synthesized MC_NPs with size around 40–60 nm consisting of γ-Fe2O3
grains grown over the surface of a MnFe2O4 core [166]. Microwave-assisted polyol method
in two steps was used to obtain first the MnFe2O4 seed and then the MnFe2O4/γ-Fe2O3
structure. The exchange interaction within the MC_NPs led to enhanced MS and magnetic
susceptibility, compared to MnFe2O4 cores alone. A magnetic hyperthermia treatment
carried out for 30 min on HeLa cells, with 0.75 mg/mL ferrofluid of the MC_NPs, in-
duced a temperature rise to 46 ◦C and decreased the cell viability to 17% (AMF of 250 Oe
and 113 kHz).

An original type of 100 nm MC_NPs, made of Fe0.6Mn0.4O (wüstite), were synthesized
by Liu et al. by thermal decomposition of acetate precursors in trioctylamine and PEG
(Mw = 10,000) to make them hydrophilic by ligand exchange reaction [167]. The MC_NPs
exhibited unique room-temperature ferromagnetic behavior, unlike their antiferromagnetic
bulk counterpart, thanks to the high iron content and to the exchange coupling between the
cores that enhanced the ferromagnetic ordering. Heating tests (AMF of 40 mT and 366 kHz)
gave SAR = 535 W/gFe in aqueous solution and 490 W/gFe in agarose gel. In vitro and
in vivo magnetic hyperthermia experiments demonstrated that these wüstite MC_NPs
could induce breast cancer cell apoptosis and a complete tumor regression in tumor-bearing
mice without appreciable side effects.

Similar results were obtained for cRGD coated 20 nm manganese iron oxide MC_NPs
obtained by similar method, with maximized SAR (680 W/g at moderated AMF of 47 kA/m
and 96 kHz,) and very efficient results in a human tumor-derived glioblastoma cell line
U87MG (62% cell death) [168].

4.2. MC_NPs with Internal Dipolar Interactions

If the cores forming the MC_NPs are not enough closely packed or if the intimate
contact between them is not extended or is prevented by a non-magnetic coating, dipolar
interactions predominate.

The influence of dipolar magnetic interactions on the magnetothermal behavior of a
NP assembly has been extensively studied in the last decades and different, sometimes
conflicting, models have been applied to explain the experimental data [39,169,170]. In
general agreement with numerical calculations and theoretical predictions [171,172], we
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could summarize the role of dipolar magnetic interactions acting on a NP assembly by
saying that they produce two main competing magnetic effects, relevant for the magnetic
heating mechanism. As formerly indicated by Dormann et al. [39], dipolar magnetic in-
teractions lead to an increase of the anisotropy energy barriers of the NPs. In the case
of small and soft NPs, this effect improves the thermal stability of their magnetic mo-
ments, shifting to higher temperature or preventing the entrance in the superparamagnetic
regime [39,129,149,173–176]. Under the conditions of validity of the LRT (i.e., in the linear
regime), dipolar interactions can vary the Néel relaxation time τN so as to approach the reso-
nant condition fmτN = 1 or move away from it, which leads to an increase or decrease of the
hysteresis loop area, respectively; in the nonlinear regime, increasing τN so as to pass from
the superparamagnetic state (fmτN < 1) to the blocked one (fmτN > 1) increases more and
more the hysteresis loop area, at least until demagnetizing effects become prevalent [172].
In fact, in blocked NPs, magnetic dipolar interactions exert a demagnetizing action and
bring about a decrease of remanent magnetization, magnetic susceptibility and possibly of
coercivity. Both experimental and modeling results have confirmed this second effect of
dipolar interactions, which is clearly detrimental to the heating efficiency [171,177–182].

Hence, the role played by dipolar interactions in the heat generation mechanism is
complex: while increasing the effective anisotropy of the NPs can enhance the heating
efficiency [175,183–185], their demagnetizing nature is disadvantageous. Therefore, the
final heating performance comes from the competition between these different effects,
which ultimately depends on the specificities of the system, i.e., size and anisotropy of
the individual NPs and aggregation state, and on the measurement conditions (AMF
amplitude and frequency) [171]. Some experiments and numerical simulations revealed a
non-monotonic evolution of SAR on increasing the concentration of ferrofluids, hence the
strength of dipolar interactions, on a wide range of values [176,186–189]. It was highlighted
the existence of a SAR peak at an optimal concentration at which dipolar interactions are
comparable to the anisotropy field [186,188].

When dipolar interactions give rise to stable aggregates of NPs, configurational effects
of magnetostatic nature must be also included in this description. In isometric aggregates
of soft NPs (i.e., spherical aggregates, precisely what we call MC_NPs) a low-remanence
magnetic state is favored, which implies a decreased heating efficiency (in the case of
hard NPs, their individual anisotropy dominates on dipolar interactions); on the op-
posite, anisometric aggregates (i.e., elongated formations such as chains and columns)
exhibit high-remanence magnetic configurations, which can enhance the heating efficiency
(see Section 5) [55]. Moreover, a reduced Brownian mobility connected to an increased
hydrodynamic size may also enter into this already intricate picture [190].

Therefore, MC_NPs with internal dipolar interactions do not necessarily guarantee
better heating efficiency than individual NPs. The main advantage of this type of nanos-
tructures is represented by the possibility of controlling their structural characteristics
(such as size of the cores, distance between the cores, size of the aggregates), hence the
state of magnetic interaction and the heating capacity. In this regard, some examples are
now shown.

Blanco-Andujar et al. reported on the heating properties of citric acid coated iron
oxide MC_NPs, obtained by coprecipitation in a microwave reactor and coated in a second
step [191]. This particular synthesis method allowed to control the size (varying between
13 and 17 nm) and number of the individual magnetic cores and hence the hydrodynamic
size DH of the aggregated structure (50–125 nm), by changing the time of heating in
the second step. The samples did not show magnetic hysteresis at room temperature in
SQUID measurement conditions. The existence of inter-cores demagnetizing interactions
of dipolar type was verified through the analysis of the field dependence of the remanence
(isothermal remanent magnetization, IRM, and direct current demagnetization, DCD) and
the construction of the Henkel plots. A better heating efficiency was associated with a
lower core-to-core magnetic interaction. The best response (ILP of 4.1 nHm2/kg) was
measured for small MC_NPs (DH ~ 65 nm) consisting of large cores (~17 nm).
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Sakellari et al. studied the heating properties of colloidal MC_NPs of various size
(45–98 nm), consisting of 13 nm iron oxide NPs prepared by the polyol process in the
presence of PAA. Water content seems to be the parameter to control the multicore size [192].
The packing density of the MC_NPs increased with the size and therefore the saturation
magnetization increased too. In spite of the small size of the primary NPs, the samples
showed ferrimagnetic behavior at room temperature, which was ascribed to an enhanced
blocking temperature TB due to dipolar interactions [193]. The thermal response of the
MC_NPs was higher than that of the individual NPs. The 50 nm MC_NPs showed the best
heating capacity (maximum SAR ~ 400 W/g in AMF of 25 kA/m and 765 kHz) as a result
of the optimized interplay between structural features, packing density and strength of
dipolar interactions.

Ovejero et al. studied the effects of dipolar interactions in iron oxide MC_NPs prepared
by thermal decomposition in organic media, transferred to water by ligand exchange with
DMSA and controlling aggregation by changing the pH of the dispersion [189]. The
primary NPs had a hydrodynamic size DH = 20 nm. The DH of the MC_NPs varied
between 56 nm and 356 nm. The authors stressed the influence of the polydispersity index
(PDI) in the heating mechanism. In fact, the heating capacity was strongly influenced by
the dipolar interactions resulting from the aggregation of the NPs, but in a different manner
depending on PDI. For low PDI (<0.2), the SAR value slightly increased at small values of
DH (<100 nm) and then showed a 25% drop starting from DH =139 nm. For high PDI, a
progressive but smooth reduction of SAR (~10%) was observed on increasing DH. Thanks
to the analysis of high frequency hysteresis loops, the authors also provided some hints
on the causes of such SAR dependence. The increase of dipolar interactions due to the
increase of aggregation state resulted in a reduction of the remanent magnetization, though
accompanied by an enhancement of coercivity.

Another strategy for controlling the dipolar interactions of MC_NPs was presented
by Spizzo et al., who prepared aggregates, of ~25 nm in size, consisting of small iron
oxide NPs (5–10 nm) with 2-pyrrolidone as capping agent [151]. Thanks to the presence
of 2-pyrrolidone, the MC_NPs were stable in water. Conversely, when dispersed in PEG,
the primary NPs tended to separate from each other, although they still formed spherical
aggregates (Figure 7a–d). Thus, the strength of the dipolar interactions between the primary
NPs varied upon changing the fluid in which they were dispersed. Accordingly, the
heating response varied too and, in AMF of 13.5 kA/m and 177 kHz, the best response was
measured in the aqueous dispersion of MC_NPs, namely in the more compact structures
dominated by stronger dipolar interactions (Figure 7e).

To produce tight clustering of Fe3O4 NPs and highlight the importance of the primary
NPs in cluster formation for enhanced heat-generation power, Hayashi et al. prepared
magnetite NPs (~17 nm in diameter) by precipitation with hydrazine in the presence of a
pyrrole polymer that formed multicore structures of ~55 nm, also containing anticancer
drug (i.e., doxorubicin, DOX) [194]. NP size was controlled by adjusting the amount of
hydrazine and the reaction time. Folic acid and PEG were used to stabilize the multicore
structures in suspension, leading to final MC_NPs of (64 ± 6) nm with ferrimagnetic
behavior at room temperature (Figure 8a–c). In fact, strong dipolar interaction between the
primary NPs influenced the passage to the superparamagnetic regime, which, using SQUID
magnetometry, was seen to occur at TB ~ 400 K. For comparison, in a sample of unclustered
Fe3O4 NPs, prepared as control material, TB ~ 350 K (Figure 8d). A maximum SAR value
of 353 W/g was measured in the MC_NPs, more than double that of the control NPs (AMF
of 8 kA/m and 217 kHz) (Figure 8e). The capacity of the MC_NPs to hold the DOX and
the possibility to control its release using the AMF as a trigger was also investigated. This
work followed previous articles by Hayashi and co-workers, which were also aimed at
demonstrating the suitability of Fe3O4 MC_NPs as theranostic agents [23,195].
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Figure 7. (a,b) TEM images of iron oxide MC_NPs dispersed in water (sample SW); in (b) the white
circle highlights one MC_NP consisting of primary NPs capped with 2-pyrrolidone. (c,d) TEM
images of the MC_NPs dispersed in polyethylene glycol 400 (PEG) (sample SP), showing how the
primary NPs tended to separate from each other. (e) Heating curves for samples SW and SP in an
AMF of 13.5 kA7m and 177 kHz. Adapted from Ref. [151] under CC BY 4.0 License.

Figure 8. (a) TEM image of magnetite MC_NPs (b) Magnified view of a MC_NP allowing to
distinguish the existence of a 6 nm-thick polymer shell. (c) TEM image of unclustered Fe3O4 NPs,
prepared as control material. (d) ZFC-FC magnetization measurements vs. T measured on the
MC_NPs (indicated as core-shell sample due to the presence of the polymer coating) and on the
control NPs (sample called Mag). (e) Changes in the temperature of an aqueous solution containing
MC_NPs and the control NPs with AMF application time. Adapted with permission from Ref. [194],
Copyright 2016 American Chemical Society (further permissions related to the material excerpted
should be directed to the ACS).
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Regarding the potential of MC_NPs as multifunctional agents in nanomedicine appli-
cations, it is worth highlighting the high efficiency of these nanostructures as MRI contrast
agents. The topic has been dealt with in a number of articles and the T1 and T2 contrast en-
hancement by aggregation of iron oxide NPs is a well-established phenomenon [140,196–199],
common to MC_NPs dominated both by exchange interactions [155,156,165,167] and dipo-
lar interactions [141,193–195].

5. Linear Aggregates

With the term ‘linear aggregates’, we refer to anisometric assemblies of NPs, both
1-dimensional (i.e., chains) and 3-dimensional (columnar aggregates), coupled by dipolar
interactions. The research interest in the magneto-heating properties of this kind of mag-
netic structures has been prompted by two main factors: the discovery of the excellent
heating performance exhibited by chains of magnetosomes synthesized by magnetotactic
bacteria [200–203] and the observation that magnetic NPs in a fluid tend to arrange in
linear aggregates under a uniform magnetic field (static or alternating).

Magnetosomes consist of a highly crystalline cubic-shaped core of magnetite/maghemite
surrounded by biological materials, in particular lipids and proteins. Typically, the cores
have a mean size of ~30 nm, are single magnetic domains and show ferrimagnetic proper-
ties at room temperature. The magnetosomes are naturally arranged in chains inside the
bacteria thanks to protein filaments that favor their alignment [204]. It must be noted that,
in the chain configuration, the dipolar interactions favor the ferromagnetic alignment of
the moments of the NPs, i.e., they exert a magnetizing action. This marks a fundamental
difference with respect to isometric aggregates of randomly oriented NPs, where dipolar
interactions are demagnetizing, as discussed above (Section 4.2).

It was argued that the superior magnetic efficiency of magnetosomes was only in
part due to the cubic shape of the individual cores—which implied a higher surface
magnetic anisotropy, compared to spherical iron oxide of similar size—and that the chain
arrangement was a crucial element [126]. In fact, dipolar interactions between the cores
was found to result in an effective magnetic anisotropy of configurational type [204].

The onset of an effective anisotropy, induced by the formation of linear aggregates
during heating tests and oriented parallel to the applied field, was also invoked to correctly
interpret magnetic heating performance of NPs in fluids [55,58]. This effective uniaxial
anisotropy is substantially the shape anisotropy of the whole aggregate and competes with
the magnetocrystalline anisotropy of the individual NPs. Therefore, it is more effective in
the case of low anisotropy NPs, where it leads to an increase of the hysteresis loop area
and hence of the SAR [55].

Excluding a few theoretical studies that reported a decrease in heating efficiency re-
lated to NP chain formation [205,206], in general both theoretical analyses and experimental
results confirmed that chain-like arrangements of NPs had enhanced heating performance
compared to systems of randomly distributed NPs and pointed out a dependence on the
features of the linear aggregates (width, length and density as well as the size and shape of
the constituent NPs) [57,207–209]. In the latter cited articles, samples of linear aggregates
suitable for heating tests were prepared by quenching magnetic NPs in an agarose gel
matrix in the presence of a static uniform magnetic field, so as to develop anisotropic
dipolar interactions between them. Hence, it was also shown that the heating efficiency of
these systems could be modified by changing the viscosity of the agarose matrix and the
relative orientation between the aggregate long axis and the direction of the AMF [207–209].
This last item was also theoretically addressed by Valdes et al., who also analyzed the case
of randomly oriented NP chains and predicted significantly better heating performance
with respect to a system of dispersed non-interacting NPs [210,211].

The better heating capacity of anisometric groups of NPs was also demonstrated by
Niculaes et al. who compared the SAR values of individual iron oxide nanocubes (edge
length ~20 nm) of dimers and trimers (composed of two and three nanocubes, respectively)
and of larger aggregates of more than four nanocubes [212]. The highest SAR was measured
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in the anisometric dimers and trimers whereas the larger and more isometric structures
exhibited the lower thermal response.

Avugadda et al. fabricated aggregates of iron oxide nanocubes, coated with a biore-
sorbable polymer, that could be disassembled upon exposure to lytic enzymes, thus ob-
taining 2D assemblies and finally small chain-like clusters, containing just few nanocubes,
with improved heating performance [213].

Balakrishnan et al. showed that cubic-shaped cobalt ferrite NPs (mean edge size
~17 nm), injected in tumors developed in mice, spontaneously formed randomly oriented
chain-like structures (median of 4 nanocubes/chain), whose length increased (median of
7 nanocubes/chain) after exposure to an AMF during an heating treatment [214].

Fu et al. prepared compact aggregates of magnetite NPs of different sizes, using an
emulsion droplet solvent evaporation method [215]. They showed that dipolar interactions
between the NPs in the aggregates improved the heating efficiency as long as the latter
were small and anisometric, so as to favor the appearance of shape magnetic anisotropy.
As the size of the aggregates increases, they became more and more spherical. Thus, the
shape anisotropy decreased and this impaired the heating efficiency.

As for the production of long linear aggregates of NPs, excluding the possibility of
extracting magnetosome chains from cultured magnetotactic bacteria [201], the adopted
methods involve the use of an externally applied magnetic field, as already seen above for
immobilization into an agar matrix. In this respect, another example is the work of Hu
et al., who inserted linear aggregates of NPs, of 15 nm and 200 nm in size, in a hydrogel
matrix [216]. This was obtained by assembling the magnetic NPs in monomers solution
and then activating the gelation, in presence of a magnetic field during both processes.

The use of an inorganic shell-like silica to encapsulate linear arrangements was also
explored by Andreu et al. [217] to produce small chains of cubic iron oxide NPs mimicking
naturally produced magnetosomes and enhance the SAR respect to individual nanocubes.
Comparing these chains with individual nanocubes for a fixed AMF of 3 kA/m and
111 kHz, they observed that the heating performance of chains resulted higher at room
temperature, but lower at low temperatures (<250 K). These results stress the importance
of considering the temperature and AMF conditions for comparing the heating efficiency.

Sanz et al. tested the heating capacity of MnFe2O4 NPs (~50 nm average size) loaded in
cells cultured in a static magnetic field of 650 kA/m and in no field [218]. The application of
the magnetic field led to the formation of linear aggregates inside the cells, in contrast with
the spherically shaped ones that formed in absence of field; in vitro measurements indicated
that the heating efficiency was approximately a factor 2 higher in the first case (Figure 9).
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Figure 9. In vitro power absorption experiments for aggregates of MnFe2O4 NPs within BV2 cells.
The aggregates formed overnight without an applied field, resulting in sphere-like shape, and under
an applied dc field H = 650 kA/m, resulting in elongated shape. SLP values are given per cell in
μW/cell. Adapted with permission from Ref. [218], Copyright 2020 American Chemical Society.

6. Hybrid Systems

Hybrid magnetic materials, consisting of NPs loaded into a non-magnetic organic
or inorganic matrix, are generally created to combine different functionalities coming
from the magnetic NPs and the matrix. Thus, in addition to the heating capacity and
the enhancement of contrast in diagnostic imaging that the NPs provide, the matrix may
allow drug transportation (hydrophobic and hydrophilic) and stimuli responsive actions,
eventually improving the theranostic concept [16,219–224]. If the containers in which the
NPs are encapsulated are also of nanometric dimensions, they are often referred to with
the terms ‘nanocontainers’, ‘nanocapsules’, ‘nanovectors’, ‘nanocarriers’. Therefore, in
this formulation, the magnetic NPs are spatially confined at the nanoscale and generally
subjected to interparticle dipolar magnetic interactions, whose strength varies with their
concentration. Moreover, the NPs are not free to move and their spatial arrangement
depends to some extent on the geometric and chemical-structural features of the carriers
into which they are loaded.

The methods for the synthesis of these hybrid systems are numerous and vary mainly
according to the type of matrix and the characteristics of the loaded magnetic NPs. Here
below, we focus on three types of container: liposomes, polymeric matrix and silica.

From the magnetic point of view, the magnetothermal phenomenology is basically
similar to that already described in Section 4.2, i.e., typical of aggregates of dipolar in-
teracting NPs. As we have discussed, dipolar interactions between NPs of a sphere-like
aggregate play a complex role in the heating mechanism, not always favorable for SAR.
However, it is worth remarking that hybrid systems are intended as multifunctional agents.
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If the thermal degradation of the carrier and the release of drug must be induced, the
amount of loaded NPs must be high enough to generate the needed heating power, even if
their accumulation may determine the onset of strong dipolar interactions and lead to a
decrease in their thermal response. Moreover, a high amount of magnetic NPs is needed
for efficient imaging and for enhanced magnetophoretic mobility and tissue targeting.

Although this review is devoted to artificial magnetic systems, it is worth noting that
also NPs internalized in cells constitutes hybrid systems. In fact, it is now quite well estab-
lished that inorganic NPs taken up by cells are concentrated within intracellular vesicles
having a typical size of some hundreds of nanometers (late endosomes and lysosomes).
Cellular internalization leads to a considerably reduction of the NP heating efficiency.
Cabrera et al. carried out an in-depth study of this phenomenon and demonstrated that
the inhibition of the Brownian relaxation process, caused by the immobilization of the NPs
inside the cells, accounted only in part for the heating reduction [162]. The main cause
was the intracellular clustering of the NPs, which favored the dipolar interactions. Levy
et al. investigated the magnetic outcome of iron oxide NPs, with size below 10 nm, injected
intravenously into mice [161]. The superparamagnetic behavior of the NPs was modified
following cellular uptake and confinement within intracellular vesicles, due to the dipolar
interactions. A different increase in the blocking temperature TB occurred depending on
whether the NPs were internalized in the liver, spleen or adipose tissue, reflecting their
different arrangement inside the cells. The authors used the analysis of the dynamical
magnetic behavior of the NPs as a tool to gain a fundamental understanding of the local
organization of the NPs in the intracellular compartments.

The influence of dipolar interactions on the magnetic heating properties of NPs in
lysosomes was also theoretically studied by Tan et al. using Monte Carlo simulations [225].
A spatial repartition of the heating power inside the lysosomes was demonstrated, related
to changes in the local concentration of the NPs.

6.1. Liposomes

Liposomes are vesicles formed by a double layer of phospholipids and are used
clinically as drug-delivery vehicles. Magnetic NPs can be encapsulated either in the
aqueous or in the organic part, between the lipid bilayer, forming magnetoliposomes,
which have been extensively investigated as drug-delivery system for targeting tumors and
their microenvironment [226]. In addition, liposomes are thermosensitive, so an AMF can
stimulate the co-encapsulated internal heating source (iron oxide NPs), for the thermally
triggered drug release without increasing the environmental temperature. It should be
noted that only an increase of few degrees (2–4 ◦C) is needed at the NP surface, in close
contact with the lipid, to overcome the melting temperature of the liposome, i.e., to change
it from the gel to liquid state and release the content. The presence of NPs influences the
phase temperature of lipids.

The thin-film hydration method coupled with sequential extrusion is the most versatile
and reproducible method for the production of magnetoliposomes. It allows incorporating
the NPs, previously synthesized, in the aqueous [227] and the organic phase [228] at
the same time that the liposome is formed. Different spatial distribution of the NPs can
also be controlled inside or outside the liposome by changing the NP coating (Figure 10).
The fact of being encapsulated inside the lipid bilayer can induce a shift of the blocking
temperature TB of the NPs to higher values, indicating an increased aggregation degree in
comparison with free NPs. As shown by Forte Brollo et al., the aggregation degree was
higher for oleic acid coated NPs, given their confinement at the lipid bilayer. Moreover,
TB increased following internalization of NPs into cells, namely as their intralysosomal
density increased [228].

Indeed, the organic confinement can influence significantly the dynamic magnetic
response of the NPs. For 9 nm and 7 nm citrated iron oxide NPs densely packed inside
liposomes, under high field conditions (AMF of 27 kA/m and 700 kHz), it was observed
an increase in SAR values of 438 W/g and 164 W/g compared to 270 W/g and 108 W/g
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for 9 nm and 7 nm NPs uniformly dispersed in colloidal suspension [219]. These data
highlighted the influence of NP size and the noticeable effect of their local confinement
in liposomes. The high volume fraction of NPs inside liposomes led to magnetic dipolar
interactions, which could be evidenced by ZFC-FC magnetization measurements, in a shift
of TB to higher temperatures and a flattening of the FC curve below TB.

Even smaller particles (3–5 nm) encapsulated into liposomes can reach the high concen-
tration needed (~10 mg Fe/mL) for an efficient heating (2–4 ◦C) under high frequency field
(750–1150 kHz) [227]. If larger 16–36 nm NPs were encapsulated in liposomes, resulting
in 3–6 NPs per liposome, it was observed that lipid cover did not interfere with magnetic
response of the NPs (no variation in TB). SAR values at moderate AMF amplitude and
frequency (12 kA/m and 197 kHz) were 34 W/g and 26 W/g as the particle size increased,
enough to produce a temperature rise from 37 ◦C to 42–46 ◦C [229].

Figure 10. (A) TEM images and corresponding schemes of liposomes produced with iron
oxide NPs using different coatings as dimercaptosuccinic acid (DMSA), oleic acid and
(3-aminopropyl)trimethoxysilane (APS), resulting in different spatial configurations of the NPs.
(B) Zeta potential measurements at pH 7 for these magnetoliposomes and the comparison with free
NPs. Adapted with permission from Ref. [230], Copyright 2020 American Chemical Society.

However, for 8 nm and 15 nm DMSA-coated NPs attached outside liposomes and
under mild field conditions (<300 kHz), a slight reduction in heating efficiency for the
smallest ones was reported, indicating Néel relaxation regardless being or not physically
connected to the liposome; however, for 15 nm NPs, SAR dropped extensively (60%), which
reflected that NPs had both Néel and Brownian relaxation [230]. Those NPs were prepared
by thermal decomposition in organic media.

Finally, when 4-nm oleic-coated iron oxide NPs were embedded in the lipid membrane,
a slight drop in SAR values was reported in an AMF of 20 kA/m at 500 kHz [231]; those
magnetoliposomes showed a SAR value of 171.6 W/g.

6.2. Polymeric Matrix

Progress in modern polymer chemistry enables the design of polymeric carriers
with a defined chain architectures and controlled sizes. Block copolymer vesicles, also
termed polymersomes, offer an attractive structure for drug delivery applications, over-
coming the limitations of instability associated with liposomes. By manipulating the
co-assembly of amphiphilic co-polymers it is possible to obtain bi- or multilayer struc-
tures with an hydrophilic interior or forming stable micelles with an hydrophobic interior.
Poly(ethylene oxide)–poly(propyleneoxide)–poly(ethylene oxide) triblock copolymers and
poly(N-isopropylacrylamide) homopolymers have a few inherent defects such as limited
biodegradability. Poly(l-lactic acid) or poly(lactide-co-glycolide) and poly(ethyleneglycol)
or poly(ethylene oxide) as well as thermoreversible hydrogels like PEG-grafted chitosan/gl-
ycerophosphate and poly(organophosphazene) gels have been reported to be biodegradable.
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Magnetic polymersomes having a hydrophobic internal membrane core made of the
biodegradable block poly(trimethylene carbonate) and a polypeptide biocompatible corona
of poly(l-glutamic acid, PGA) were loaded with hydrophobic 6.3 nm NPs, embedded
into the membrane of dual-loaded vesicles by one-step nanoprecipitation [16]. The simul-
taneous loading of maghemite NPs and DOX was also achieved by nanoprecipitation.
In an AMF of 2.12 kA/m and 500 kHz, the release of DOX was enhanced by a factor
2 compared to the same vesicles with NPs embedded in the membrane but kept away
from the coil. In fact, even if the global temperature of the tested suspension remained
almost unchanged, the local temperature increased by about 7 ◦C in the close vicinity of the
polymeric membrane (i.e., at the nanometric scale), increasing dramatically the diffusion of
the encapsulated DOX.

Oleic acid MnFe2O4 NPs were embedded within the amphiphilic copolymer (PBMA-
g-C12) through a mini-emulsion method and showed that large NP size (here 18 nm) and a
low loading ratio were preferable for a high SAR [232]. For 6 and 18 nm MnFe2O4 NPs, TB
decreased with the polymer immobilization and even more when the loading density was
reduced. The results suggested that the polymer matrix was effective at isolating magnetic
NPs, thus reducing the magnetic interactions. High SAR values of 330 W/g for 18 nm
NPs (AMF of 4 kA/m and 435 kHz) were found for low polymer contents and ascribed
to a relatively lower magnetic interaction due to a large amount of polymer isolating the
MnFe2O4 NPs.

Other interesting biodegradable polymeric vesicles for drug delivery are those made
up of PEG hydrophilic groups and polyester hydrophobic groups like PLA and PCL, form-
ing a micelle structure with a hydrophobic interior. Sadat et al. synthesized polystyrene
nanospheres with average diameter of 100 nm embedding 10 nm Fe3O4 NPs, superpara-
magnetic at room temperature [233]. The magnetic NPs confined in the nanospheres
exhibited heating capability (in an AMF of 4.5 kA/m and 13.56 MHz, a maximum SAR
~ 70 W/g was measured), although significantly lower compared to that of free NPs of
similar dimensions, mainly due to the effect of dipolar interactions. Note that due to the
high field frequency used in the heating tests, Brownian relaxation could not be a dominant
heating mechanism in either of the two NP systems.

Hexagon-shaped Co and Mn-doped iron oxide NPs of 14.8 nm were embedded into
the hydrophobic interior of a poly(ethylene glycol)-b-poly(ε-caprolactone) (PEG–PCL)-
based polymeric particle, prepared by solvent evaporation approach [234]. The developed
nanoclusters exhibited enhanced heating efficiency (SAR ~ 1.2 kW/g in AMF of 26.9 kA/m
and 420 kHz) when compared to the individual NPs (SAR ~ 1 kW/g), indicating a favorable
effect of dipolar interactions between the NPs following their confinement in the polymer.
In vivo studies demonstrated that magnetic hyperthermia mediated by the nanoclusters
significantly inhibited the growth of tumors.

Similar results were found for smaller NPs immobilized in a similar polymer. Oleic
acid coated 8 nm NPs prepared by coprecipitation were encapsulated in a biodegradable
polymer poly-ε-caprolactone (PCL) employing the oil-in-water emulsion/solvent evapora-
tion method [235]. As the NP size distribution and anisotropy were reasonably assumed
not to vary during the encapsulation into the polymeric capsules, the observed increase
in TB was exclusively ascribed to changes in the dipolar magnetic interactions caused by
the particle aggregation state. SAR increased with the loading into the polymer (AMF of
15.9 kA/m and 337−869 kHz). Additionally, the hypothesized ligand exchange with the
carboxylic groups of the PCL shell and the higher viscosity of the polymer, compared to
water, were proposed to modify the Brownian relaxation time by friction of the surface of
the NPs with the carrier matrix, affecting the overall heating transfer mechanism.

Some studies reported about hybrid systems made of magnetic NPs loaded in nanocap-
sules of poly(lactic-co-glycolic acid) (PLGA)—a copolymer approved for human use and
largely employed for drug-delivery applications due to its good biodegradability and
biocompatibility—with the aim of realizing highly biocompatible nanovectors, which, by
virtue of their magnetic functionality, can be possibly driven to a specific target, where
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they can release their load, eventually exploiting the heating capacity to promote the
degradation of the PLGA matrix [236–240].

Chiang et al. fabricated magnetically responsive hollow microspheres (1–3 μm) from
PLGA using a double-emulsion method, with the polymer shell (thickness ~ 250 nm)
being doped with both DiO green fluorescent and iron oxide NPs (10–12 nm in size)
and the aqueous core containing DOX [238] (Figure 11a,b). Upon exposure to an AMF
(2.5 kA/m and 50–100 kHz), the NPs encapsulated in the shell rapidly increased the local
temperature above the glass transition temperature of PLGA, so that the PLGA chains
became much more mobile. This led to an increase of the permeability of the PLGA shell
and thus to a rapid release of DOX molecules. The process was reversible, namely without
exposure to AMF, the local temperature relaxed back to 37 ◦C swiftly and the drug release
terminated (Figure 11c,d).

Figure 11. (a) SEM image of the PLGA hollow microspheres. (b) TEM images revealing the hollow
structure of one microsphere and the single crystalline structure of the encapsulated iron oxide
NPs. (c) Release profiles of DOX from the PLGA hollow microspheres, incubated in PBS, under
AMF (2.5 kA/m and 50–100 kHz); the AMF was switched between “ON” and “OFF” modes. Their
counterparts, not stimulated by AMF, were used as a control. (d) Fluorescence micrographs showing
the changes in color of the hollow microspheres during the DOX release. Adapted with permission
from Ref. [238], Copyright 2012 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim.

Del Bianco et al. studied the structural and magnetic properties of PLGA nanocapsules
(typical dimension around 200 nm) with a different load of 8 nm oleate-coated Mn-doped
magnetite NPs (~5.3 and ~0.72 wt.%), prepared by oil-in-water (o/w) emulsion solvent
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extraction method [240]. The NPs were not homogeneously distributed into the nanocap-
sules and tended to form aggregates, which were larger in the case of greater magnetic
load (Figure 12a–c). The system was particularly suitable for investigating the effects
of the interparticle dipolar interactions on the magneto-heating properties. In fact, the
experimental magnetic analyses—which also included the estimation of dipolar interaction
strength by the IRM-DCD remanence method (Figure 12d)—well highlighted the effect of
stabilization of the NP moments against superparamagnetism, as well as the appearance of
low-remanence magnetic configurations of the NP aggregates. Higher heating efficiency
was measured in the sample with the lower concentration of magnetic NPs (SAR ~ 68 W/g
under an AMF of 18 kA/m and 245 kHz).

Figure 12. (a) SEM image of PLGA nanocapsules loaded with Mn-doped magnetite NPs. (b,c) Bright-
field TEM images of the PLGA nanocapsules with higher (sample PHC) and lower (sample PLC)
load of magnetic NPs, which provided the dark contrast. (d) Henkel plots for samples PHC, PLC and
for the free magnetic NPs (sample MagNPs), obtained by combining the DCD and IRM magnetic
remanence, measured by SQUID at T = 5 K. In particular, the normalized DCD values (Id) are plotted
as a function of the normalized IRM values (Ir); the observed deviation from the linear trend (dotted
line) is a measure of the strength of the dipolar interactions in the samples. Adapted with permission
from Ref. [240], Copyright 2019 American Chemical Society.

Finally, magnetic hydrogel nanocomposites are worth mentioning. Hydrogels are
crosslinked polymer networks capable of absorbing large amounts of water or biological
fluids. Composite materials made of temperature-sensitive hydrogel and magnetic NPs
can be used as externally-actuated drug delivery systems. In fact, heat generation by the
NPs under an AMF rises the temperature of the hydrogel above a critical temperature
at which the hydrogel collapses, causing the expulsion of the imbibed water and of the
loaded drug [241–245].

When using citric acid coated iron oxide NPs and copolymer comprising acrylic acid
and 2-methacryloylethyl acrylate units as the backbone and poly-(ethylene glycol) and
poly(N-isopropylacrylamide) as the grafts, a high amount of NPs (8–10 nm) were incorpo-
rated within the thin walls of hollow nanogels (hydrodynamic size DLS ~ 200 nm) [221].
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In order to prolong the retention time of magnetic NPs localized within tumor targets
and favor repeatable magnetic hyperthermia treatments, poly(organophosphazene) (PPZ)
hydrogels were used to encapsulate 9 nm Zn0.47Mn0.53Fe2O4 NPs, with good heating
efficiency (SLP of 150–200 W/g in an AMF of 19.5 kA/m and 389 kHz), synthesized by
thermal decomposition. More than three weeks retention of NPs within tumors after a
single injection of hydrogel nanocapsules (mean diameter ~ 150 nm) facilitated successful
multiple magnetic hyperthermia and four cycles of treatments showed excellent anti-tumor
effects on a mouse xenograft model [246].

6.3. Silica

Solid matrices made of inorganic materials, such as silica, are also interesting vehicles
for drug delivery. They provide a biocompatible substrate with a well-controlled size
dispersion and a polyvalent surface chemistry for functionalization and/or vectoriza-
tion [247,248]. In contrast to most polymeric matrices, the inorganic matrices are able to
protect the cargo to environmental pH or extreme biological conditions. Besides, they can
be prepared with an engineered internal structure (mesoporous matrices) that maximizes
the cargo capacity and may provide sophisticated methods of dose regulation [249–251].
Magnetic NPs are frequently inserted in this sort of matrices to provide additional func-
tionalities, such as magnetic separation or contactless triggering that can be externally
activated even in deep tissues thanks to the deep penetration of magnetic fields [252].

The most common synthesis route for the production of inorganic matrices of silica
is the sol–gel condensation of silica precursors (typicaly tetraethylorthosilicate, TEOS)
known as Stöber method [253]. This method consists on the hydrolisis of precursor radicals
and condensation of O-Si-O groups. In the presence of the proper surfactants (typically
CTAB), it is possible to create an internal structure of ordered porous with tunable sizes and
shapes [248]. There are three general methods to functionalize this kind of nanostructures
with magnetic NPs: (i) encapsulating them on the silica matrix [254], (ii) inserting them in
the internal structure of the matrices [255] or (iii) anchoring on their surface [256].

The arrangement of magnetic NPs inside the inorganic matrices results of paramount
importance for the thermal activation of the release mechanisms and the magnetic response
of the overall nanostructure. The mechanism of immobilization determines how the
magnetic NPs will modify their magnetic response after the integration on the silica
structure. The encapsulation of NPs inside the silica matrix is generally performed by
entrapping few iron oxide nanocrystals in close proximity. Depending on the number of
crystals trapped inside the silica matrix, the dipolar interactions may result more or less
intense, but generally the presence of a silica shell around the NPs separate the magnetic
cores and reduce the effects of dipolar interactions [257].

Inserting NPs in the internal structure of the mesoporous silica is complicated since
the pore size are generally ranged between 2–10 nm [258]. Thus, the size of NPs that can be
fitted inside the pores is highly restricted and the strategy usually chosen to create these
systems is the in situ growth of the magnetic NPs [255]. Virumbrales et al. compared the
magnetic response of Zn and Ni ferrite NPs grown inside a mesoporous matrix of 2.6 nm
in porous diameter [259] to similar magnetic NPs grown on amorphous matrices and with
no matrix. They observed lower MS, higher HK and higher TB. The authors attributed
these differences to the reduced dipolar interactions between magnetic cores grown on
the porous and to the effect of the matrix on their surface anisotropy. Nevertheless, it
is worth noting that the superparamagnetic response of such small cores was weak and
difficult to tune.

The third strategy mentioned, in which the magnetic NPs are attached on the surface
of silica particles, is one of the most interesting for magnetic harvesting and for the reg-
ulation of thermosensitive coatings. In this arrangement, the silica acts as a solid spacer
between magnetic NPs decreasing the possible interaction. In this case, the magnetic
response can be considered similar to individual NPs, although some authors have ob-
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served spin-glass behavior at very low temperatures for silica particles densely coated with
iron oxide NPs [260].

7. Mixed NP Systems

Recently, some articles have reported on a promising new strategy that could be
undertaken to regulate the heating capacity of magnetic NPs. It basically consists in mixing
together NPs with different compositional and/or structural properties and therefore with
different magnetic behavior, so as to exploit the synergy arising from their combination.

A first example of this new route is represented by the article by Vamvakidis et al.,
who, using a microemulsion-based method, were able to incorporate soft (MnFe2O4) and
hard (CoFe2O4) NPs, at the same weight concentration, into spherical and compact nanoag-
gregates covered by biocompatible sodium dodecyl sulfate (SSD) polymer molecules [261].
Emulsion droplets are convenient templates to confine NPs into clusters by evaporat-
ing the dispersion solvent and the diameter of the colloidal clusters can be controlled
by adjustment of the emulsification process. The primary NPs had a similar mean size
of ~9 nm, whereas that of the final structures was of ~81 nm. At T = 300 K and under
a maximum applied field of 10 kOe, the CoFe2O4 NPs showed higher magnetization
(85 emu/g) and coercivity (250 Oe) than the MnFe2O4 NPs (66 emu/g, 150 Oe) and both
types were coated by oleylamine, which hindered the intimate physical contact among
them within each aggregate, thus ruling out exchange interactions. The authors compared
the magnetization and coercivity values of the two types of NPs to those of the bi-phasic
aggregates and also to those of single-phase MnFe2O4 and CoFe2O4 aggregates. Magnetic
relaxation effects were not investigated. In our opinion, this study could have helped
to better elucidate some puzzling results, such as the fact that the soft MnFe2O4 did not
exhibit superparamagnetic relaxation at room temperature or that the coercivity of the
CoFe2O4 aggregates was ~460 Oe, i.e., considerably higher than in the un-aggregated
NPs. However, the authors reached the conclusion that the overall magnetic behavior of
the bi-phasic aggregates, featuring magnetization ~90 emu/g and coercivity ~250 Oe at
T = 300 K, was the superposition of the properties of each phase, where the soft MnFe2O4
phase and the hard CoFe2O4 phase offered moderate coercivity and high magnetization,
respectively. The heating properties of the samples were tested by the calorimetric method
in a AMF of 25 kA/m and 765 kHz. A strong increase of the heating capacity was observed
passing from the single NPs to the single-phase aggregates (SLP increased from 27 W/g
to 104 W/g for MnFe2O4, and from 40 W/g to 223 W/g for CoFe2O4). Remarkably, a SLP
value as high as 525 W/g was measured in the bi-phasic aggregates, which the authors
ascribed to the good synergy between the two magnetic phases.

Iglesias et al. studied a mixture of iron oxide NPs of two distinct origins: (i) inorganic,
produced by a coprecipitation method and having a mean size of ~18 nm; (ii) biomimetic,
i.e., covered by a protein obtained through a bacterial synthesis, with a mean size of
~35 nm [262]. The primary goal of the authors was to provide a composition that could be
used as a platform for combining drug delivery and hyperthermia. In fact, the biomimetic
NPs presented an isoelectric point below neutrality and could be used for drug transporta-
tion and release at the acidic tumor environment; the inorganic iron oxide NPs showed a
zero-zeta potential at pH 7 and appeared to be suitable as magnetic hyperthermia agents.
Heating tests carried out on the biomimetic and on the inorganic NPs in a AMF of 18 kA/m
at three different frequencies (197 kHz, 236 kHz, and 280 kHz) indicated a greater heating
efficiency of the latter in all conditions. However, the highest SAR values (up to 96 W/g at
280 kHz) were measured on a mixture containing [25% biomimetic + 75% inorganic] NPs. A
different mixture made of [60% biomimetic + 40% inorganic] NPs showed a reduced heating
capacity compared to that of inorganic NPs alone, but better than that of biomimetic NPs.
The authors associated the best heating performance of the first mixture to an improved
colloidal stability of the inorganic NPs, which constituted the larger fraction, thanks to
the presence of the biomimetic ones and to the steric and electrostatic repulsion between
them due to the protein coating. This explanation disregarded the possible role of magnetic
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interactions between the two types of NPs in ruling the magneto-heating properties of
the mixture. Indeed, the authors reported that both the inorganic and biomimetic NPs
showed superparamagnetic behavior at room temperature, being TB equal to 103 K and
145 K, respectively. However, they also measured a considerably higher TB (180 K) for the
mixture [25% biomimetic + 75% inorganic] NPs, which, in our opinion, was a quite clear
clue of the strong influence of interparticle interactions on the magnetothermal behavior of
the system.

Ovejero et al. studied an original magnetic system obtained by mixing together iron
oxide NPs with different shape: elongated, with aspect ratio ~5.2 and mean volume of the
order of 103 nm3 (excluding the silica coating), and spherical, with mean volume one order
of magnitude larger (Figure 13a–d) [263]. The first type was produced through a three-step
process involving the synthesis of precursor goethite NPs, their dehydration to obtain the
hematite phase (after which they were also covered with silica) and, finally, the reduction
to magnetite in H2 atmosphere; the second type was synthesized by a polyol method. The
structural features of the prepared NPs determined their intrinsic magnetic anisotropy and
their magnetic relaxing behavior. In particular, the spherical NPs were essentially stable
against thermal effects at room temperature (i.e., their magnetic moments were blocked),
unlike the elongated ones, which, although magnetically harder for T < 100 K, became
softer above 100 K and exhibited superparamagnetic relaxation at T = 300 K. The authors
showed that mixing the NPs in different proportions allowed to modulate the magnetic
hysteretic properties of the system, which did not correspond to the mere superposition
of those of the parent NPs, but were affected by their mutual influence, described in
terms of a mean field mechanism. This magnetic phenomenology directly impacted on
the ability of the mixed samples to generate heat under an alternating magnetic field. In
an AMF of 48 kA/m and 96 kHz, the SAR of the mixed samples varied within a wide
range of values, between those of the elongated and spherical NPs (~510 W/gFe and
~890 W/gFe, respectively) (Figure 13e). In general, the heating efficiency of the mixed
samples was larger compared to that obtained as the weighted sum of those of the parent
NPs. The highest SAR ~970 W/gFe was measured in a sample containing an equal fraction
of the two types of NPs. In the author’s description, this occurred thanks to the mean
field produced by the magnetically blocked spherical NPs that stabilized the thermally
fluctuating moments of the elongated ones, which therefore contributed more effectively to
the heat production. In short, the strategy indicated by the authors exploits one population
of NPs, in the specific case the spherical ones, to potentiate the heating ability of the other
population of NPs, i.e., the elongated ones. This magnetic interplay between the two types
of NPs can be regulated by properly selecting their inherent structural/magnetic features
and then varying the composition of the mixed samples. Thus, the creation of mixed
NP systems emerges as an effective, still largely unexplored path towards on-demand
adjustable magneto-heating performance.

In a completely different approach, the mixture of magnetic NP colloids with different
anisotropies (composition or shape) at low concentrations has been recently proposed as a
unique strategy to generate multiple local temperatures in a single reactor or biological
environment [264]. At low concentrations (<0.1 mg/mL), the interactions between magnetic
NPs becomes negligible and each magnetic NP can be independently activated as a local
nanoheater. By tuning the field and frequency conditions of the AMF it is possible to
optimize the heating performance of one or the other set of magnetic NPs (magnetite NPs
with different size and shape), and thus induce an increment of the local temperature in
their surrounding media. The proposed general strategy is to combine high frequency-low
field vs. high field- low frequency AMF conditions in order to activate magnetic NPs with
low and high anisotropy constants, respectively. An effective selective system requires a
mix of at least two set of magnetic NPs with well differentiated anisotropies, what can be
achieved by combining different sizes, geometries or compositions [264,265].
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Figure 13. TEM images of (a) spherical NPs (SP) and (b) silica-coated elongated NPs (EL). Distribu-
tions obtained from TEM images of: (c) SP diameter, (d) length and width of the magnetic core of EL
NPs. (e) Measured and calculated SAR values for samples obtained by mixing the SP and EL NPs
in different proportions (AMF of 48 kA/m and 96 kHz). The values are shown as functions of the
fraction of EL NPs in the samples. The calculated values were obtained as the weighted sum of those
of the parent SP end EL NPs. Adapted from Ref. [263] under CC BY_NC 3.0 License.

Such selective heating has been only applied to the activation of thermophilic enzymes
that generate thermolabile products [266] or to multiplexing activation of thermosensi-
tive membrane channels such as TPRV1 [267], but presents a tremendous potential for
multiplexed contactless regulation of temperature dependent processes in biotechnology.

8. Conclusions

We have reviewed the main strategies that exploit the interplay between two or more
magnetic elements (magnetic phases or primary NPs) to create nanosized systems with
excellent heating performance. Here the term “excellent” does not refer exclusively to the
achievement of higher and higher SAR values, but also to the possibility of tuning the
thermal response of the nanoheaters according to the specific biomedical function they must
fulfill. This is obtained through the control of the compositional and structural features
of the system, which in turn determine the magnetic properties, including the nature and
strength of magnetic interaction between the constituent elements. In principle, a huge
number of different materials may be obtained by spanning all the possible combinations
of chemical-physical characteristics. However, biocompatibility and safety constraints
reduce the degrees of freedom. This aspect is crucial and, due to the increasing use of NPs
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in biomedicine, elucidating their interaction with the biological environment, both in vitro
and in vivo conditions, as well as their fate in living organisms is currently a hot research
topic [268–271], albeit beyond the scope of this review article. It is to be expected that the
concerns about biosafety and long-term distribution of the NPs in the patient’s body will
further push the search for innovative nanoheaters and lead to the creation of increasingly
versatile magnetic architectures able to combine tunable heating efficiency with assessed
biodegradation and clearance properties.
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Abstract: The focus of this review is on the physical and magnetic properties that are related to the
efficiency of monometallic magnetic nanoparticles used in biomedical applications, such as magnetic
resonance imaging (MRI) or magnetic nanoparticle hyperthermia, and how to model these by
theoretical methods, where the discussion is based on the example of cobalt nanoparticles. Different
simulation systems (cluster, extended slab, and nanoparticle models) are critically appraised for their
efficacy in the determination of reactivity, magnetic behaviour, and ligand-induced modifications of
relevant properties. Simulations of the effects of nanoscale alloying with other metallic phases are
also briefly reviewed.

Keywords: nanoparticles; density functional theory; magnetic hyperthermia; magnetic anisotropy

1. History of Use and Study of Metal Nanoparticles in Biomedicine

Metal nanoparticles (MNPs) have been attracting researchers’ attention for over a
century, owing to the diversity in their properties and the unique phenomena that only
exist at the nanoscale and have unlocked many new pathways to implement metals as
technology materials. However, MNPs have been used, albeit unknowingly, long before
modern ages. They were an integral part in the cosmetics of the ancient Egyptians, whereas
the Romans were famous for their workmanship of stained glass which evolved from the
absorption of light through gold and silver MNPs—the most renowned example being the
Lycurgus cup. The trend of dyed glass and metal-resembling glazes on ceramic pottery
continued deep into the Middle Ages before the origin of the colouring effects was linked
to the presence of optically active colloidal nanosized metallic particles in 1857 by Michael
Faraday. Today, efforts to unravel new tuning strategies leading to desired properties of
MNPs continue to grow, and utilisation of such nanotechnology has moved a long way
from stained glass, reaching an extensive range of confirmed and potential applications
in catalysis [1–4], electronics [5–7], optics [8–11], information storage [12–14], and finally,
medicine [15–19].

MNPs can exist as common single element structures, constituting alkali/alkaline,
transition, or noble metals, or they can be composites of two or more different metals,
known as nanoalloys. Their physical and chemical characteristics are determined not only
by the chemical composition as in the respective bulk materials, but also by their size
and morphology. Therefore, tailoring of the MNP properties depends on the strict control
of each of these parameters. Only recently have advances in experimental equipment
and methods led to the synthesis of MNPs of a uniform size distribution with directed
morphology control of particles synthesised in solution, giving rise to the development
of numerous production techniques. Today, procedures to generate MNPs with extensive
control over their size and shape are well established, even to the point of reaching atomic-
level precision in cluster and MNP synthesis, isolation, and deposition on a support [20,21].
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Such progress has enabled the correlation between the MNP properties and size and shape
effects, with multiple examples cited in the recent literature [22–28]. Nonetheless, MNPs are
principally neither isolated nor clean, rather frequently stabilised by solvent or surfactant
molecules or in form of particle aggregates, the presence of which makes the structural
determination cumbersome. Consequently, experimental characterisation techniques still
face significant challenges in assigning the influence of structural parameters on certain
properties over the size distribution of the synthesised MNPs [29], and computational sim-
ulations have been shown to significantly contribute to the unravelling of size, morphology,
and environmental effects on properties of individual MNPs [30–34].

In recent years, the emerging potential of MNPs with specific magnetic properties
(called magnetic metal nanoparticles, mNPs, in the remaining text) has brought further
advances in biomedicine. Their response to an externally applied magnetic field, in com-
bination with easy conjugation of the metallic surfaces with various functional groups
present in biomolecules, antibodies, and drugs of interest, has opened up a completely
new range of biomedical applications, where magnetically induced preconcentration, iden-
tification, and separation are merged with targeted medical analytes in a single agent at
the nanometre scale. This approach has allowed the development of drug delivery with
reduced distribution of medical substances in untargeted tissues and improved contrasts
in body scans through magnetic resonance imaging, whereas hyperthermia therapies have
progressed from treatments increasing whole-body temperature to treatments with com-
pletely localised magnetically induced heat generation, as described in the following text.
Initially, the focus was on the use of magnetic nanoparticles of biocompatible metallic
oxides, mainly magnetite/maghemite, but upon the failed efforts to sufficiently improve
their magnetic moments to fulfil the requirements of the therapies, naturally magnetic
metallic counterparts, mNPs, have started to generate an appreciable amount of interest.
Many of such mNP agents are already approved for clinical use, but the search for those
with superior response and higher efficiencies at safer external field strengths continues,
including less obvious material choices, such as Co mNPs, as promising candidates.

A comprehensive, although not by any means complete, summary of magnetic core
NPs with protective coatings designed for biomedical purposes can be found in Table 1.
There are many reviews on the role of iron oxide magnetic nanoparticles in biomedicine,
with details behind the exhaustive efforts to adjust their properties for specific applica-
tions [35–41]. However, the topics of the current review are metal nanoparticles, the
interplay between their physical and magnetic properties as they relate to the performance
in biomedical applications, and how to approach and predict this dependence from a
computational modelling perspective, focusing on the example of cobalt mNPs.

1.1. Biomedical Applications of mNPs
1.1.1. MRI

Magnetic resonance imaging (MRI) is a powerful, noninvasive, and sensitive tomo-
graphic visualisation technique widely used in biomedicine to obtain high-resolution scans
of body cross-sections. An MRI image originates from the measurement of nuclear mag-
netic resonance (NRM) signals that are collected as responses of abundant water protons
present in biological tissues to the applied magnetic field [42–44]. In rare cases, signals
are detected from other nuclei, such as C13, P31, or Na25. A strong static magnetic field
is first applied to align the magnetic moments of proton nuclei, which are then deflected
in the transversal plane upon the application of a short radiofrequency pulse. Magnetic
moments spontaneously return to the original longitudinal direction of the magnetic field,
and the time necessary for the complete realignment is called relaxation time. One can
distinguish between the T1 relaxation time corresponding to the longitudinal recovery
and the T2 relaxation time of the transversal decay. Both are sources of tissue contrasts in
MRI scans, which depend on the net magnetic effect of a large number of nuclei within a
specific voxel of tissue. Contrasting black and white areas of the MRI image correspond
to the disproportionate T1 and T2 proton relaxation times of various biological tissues
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as a consequence of differences in their compositions and proton density, resulting in
distanced signal intensities. However, the limited virtue of these differences can sometimes
cause low sensitivity of the technique, resulting in inadequate image contrasts for certain
clinical objectives.

Table 1. Classification of magnetic NPs based on the core and coating materials and their respective applications.

Magnetic Core Reported Coating Materials Application Ref

Metal

Fe
polymers MRI, drug delivery [45–47]
iron oxide MRI, hyperthermia [48]

Au drug delivery, photothermal therapy [49]

Co
organic acids drug delivery, hyperthermia [50]

polymers MRI [51]
Au MRI, gene transport, hyperthermia [52–55]

FeCo
graphite MRI, optical imaging [56,57]
CoFe2O4 hyperthermia [58]

Au MRI, medical labelling [59]

FePt

Au MRI, photothermal therapy [60,61]
organic acids/thiols biosensors, MRI, CT [62–66]

SiW11O39 hyperthermia [67]
polymer + SiO2 drug delivery [68]

FeNi polymers hyperthermia [69]

FeNiCo propylene glycol hyperthermia [70]
Oxide

Fe3O4

SiO2, TiO2 MRI, photokilling agents [71–73]
dextran, DMSA MRI [74]

Au, Ag MRI, immunosensor, photothermal therapy [75–78]

Fe2O3
SiO2 MRI, biolabelling [79,80]

polymers MRI, biolabelling, drug delivery, optical imaging [81,82]

MnFe2O4 polymers and organic acids MRI [83,84]

CoFe2O4
polymers and organic acids MRI, drug delivery, hyperthermia [84–86]

Au + PNA oligomers biosensors, genomics [87]

NiFe2O4
polymers and organic acids drug delivery, hyperthermia [84,88–90]

polysaccharides MRI [91]

MnO
Au MRI [92]

polymers and organic acids MRI [81]
SiO2 biolabelling [93]

Because the relaxation process involves an interaction between the protons and their
immediate molecular environment, it is possible to administer MRI contrast agents that
alter the magnetic characteristics within specific tissues or anatomical regions and improve
the image contrast [94–96]. Those contrast agents are individual molecules or particles
with unpaired electrons (paramagnetic metal–ligand complexes or magnetic particles) that
produce inhomogeneities in the magnetic field causing a rapid dephasing of nearby protons
and change in their relaxation rate. Contrast agents can be divided into those that shorten
the longitudinal recovery time, resulting in a brighter image, i.e., positive or T1 agents,
and those that shorten the transversal decay time, i.e., negative or T2 agents. The principle
of MRI and the use of contrast agents is shown in Figure 1. Contrast agents are used in
40–50% of all MRI examinations.

The first paramagnetic complex approved in 1987 for use in cancer patients to detect
brain tumours was gadolinium(III) diethylenetetraamine pentaacetic acid (GdDTPA) [97].
With rising concerns over the safety of Gd complexes, which have been found to remain
in the body after multiple MRI scans, the World Health Organization (WHO) issued
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a series of restrictions on their use as contrast agents in 2009 [98,99]. This stimulated
intense interest in creating responsive superparamagnetic T2 agents that show higher
biocompatibility and safety. Currently, the majority of T2 contrast agents are iron oxide
based superparamagnetic NPs (SPIONs) coated with dextran, silicates, or other polymers
with variable T2 relaxivities [100–102]. Recent studies investigating the transformation
of SPIONs into T1 contrast agents have generated some promising results, but effective
contrast enhancement is still lacking, due to the unknown relaxation mechanisms, and
nanoparticulate T1 contrast agents have yet to be approved for clinical use [103–106].
This flexibility makes iron oxide NPs attractive for detecting specific biological tissues,
but their relatively large sizes still impede cell penetration and delivery, while lower
values of their magnetic moments require increased clinical uptake to compensate for the
poor contrast obtained when compared to gadolinium-based agents. Low efficacy has
led to a discontinuation of a number of prominent iron oxide contrast agents in recent
years [107–109], and currently, only ultrasmall particles (USPIONs) remain in clinical use.
Superparamagnetic iron–platinum mNPs have been reported to have significantly better T2
relaxivities than SPIONs and USPIONs [110], while iron mNPs offer an order of magnitude
greater susceptibility at room temperature [111,112]. As a result, these are currently agents
of significant interest and the topic of much investigation, together with cobalt mNPs,
whose very high saturation magnetisation (1422 emu/cm3 for cobalt compared to 395
emu/cm3 for iron oxide at room temperature) offers a larger effect on proton relaxation,
promising improved MRI contrast whilst allowing smaller particle cores to be used without
compromising sensitivity [51,55].

Figure 1. Schematic representation of the principle behind the MRI contrast agents.

1.1.2. Magnetic Hyperthermia

Hyperthermia, in terms of medical treatments, is defined as a moderate increase in
temperature (to 40–45 ◦C) sufficient to cause death of tumorous cells whose vulnerability to-
wards heat originates from the poor blood flow and insufficient oxygenation in the affected
region [113–115]. Initially, hyperthermia treatments used water baths; later, conventional
therapies proceeded to noncontact external devices for transfer of thermal energy either by
irradiation or by electromagnetic waves (microwave, radiofrequency, ultrasound, or laser
sources). However, the realisation of the full clinical potential of hyperthermia treatments
was limited due to the inability of heat sources to target tumorous cells efficiently and
locally. As the effectiveness reduces steeply with the distance from the source, targeted
regions were not receiving enough thermal energy, while maximal temperature gradient
was obtained on the body’s surface. However, the biggest shortcoming was the dissipation
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of energy that was causing serious damage in the healthy tissue situated near the main path
of the radiation beam. Altogether, conventional hyperthermia showed no discrimination
between targeted tissue and surrounding environment. The growing usage of magnetic
nanosystems initiated an efficient solution, where the problem of an external source could
now be circumvented by the intravenous administration of magnetic NPs, followed by
the use of an alternating magnetic field that results in the localised transformation of
electromagnetic energy into heat by means of NP relaxation mechanisms. This targeted
approach allows local heating of tumorous cells with minimal impact on the surrounding
tissues. The principle of magnetic nanoparticle hyperthermia is presented in Figure 2.

Figure 2. Schematic representation of the principle of magnetic nanoparticle hyperthermia for
liver cancer.

The magnetic hyperthermia nanoagents implemented thus far are mostly magnetite
and maghemite NPs [116–120]. However, despite the promising results of preclinical trials,
there are many ongoing challenges in making magnetic nanoparticle hyperthermia a uni-
versal cancer treatment, including the establishment of optimal limits on the strength and
frequency of the applied magnetic field, their correlation with the duration of the treatment,
and determination of sufficient NP concentrations [121–125]. As the magnetic gradient
decreases with the distance from the source of the applied magnetic field, restrictions on
the human-safe magnetic field strengths impose challenges in obtaining the necessary
gradients to control the residence time of NPs in the desired area. Additionally, estimates
of the magnetic field strengths and gradients based on the hydrodynamic conditions of
vascular vessels have shown that the highest effectiveness of magnetic targeting is in
the regions of slower blood flow, which are usually near the surface [126–128]. Research
on the internal magnets implanted in the vicinity of the targeted tissue using minimally
invasive surgery is ongoing, and several studies have succeeded in simulating the inter-
action between an implant and a magnetic agent [129–132]. In terms of the amount of
NPs that can be incorporated in a single living cell, the admissible intake is of the order
of a few picograms [133–135]. This limit makes it essential that the nanoparticular agents
have high magnetic moments, because a relatively small number of particles (between 103

and 104) has to be capable of increasing the intracellular temperature by several degrees,
where mNPs have an important advantage over the relatively weak magnetic moments
of iron oxides. There are several excellent reviews in the literature on the principles and
requirements of magnetic nanoparticle hyperthermia [136–140].

Nanoparticle hyperthermia can also be combined with other therapies to form multi-
modality treatments and provide a superior therapy outcome [141]. One possibility is to
merge it with chemotherapy, where heat can enhance the cytotoxicity of chemotherapeutic
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drugs or assist the drug uptake by increasing the local blood supply and tissue oxygena-
tion [142–144]. Besides the synergy with chemotherapy, the combination of unique mag-
netic and optical properties in a single NP system leads to multimodal photothermal and
thermal photodynamic treatments [145–149]. In nano-photodynamic therapy, mNPs act as
photosensitiser carriers that under the irradiation with visible (VIS) and/or near-infrared
(NIR) light generate reactive oxygen species (ROS) able to cause tumour degradation.
Multiple studies on glioblastoma have shown that the combination of nanoparticulate
hyperthermia and photodynamic treatments is quite effective to treat this type of can-
cer [150]. In nano-photothermal therapy, a nanosized photothermal agent is stimulated by
both specific band light and vibrational energy/heat release to selectively target abnormal
tissues. A number of magnetic nanomaterials with appropriate optical characteristics have
been developed by bringing together a magnetic core and, for example, gold coatings,
carbon nanotubes, or graphene, all of which show strong optical absorbance in the NIR
optical transparency window of biological tissues. The major advantage of the combined
electron–phonon and magnetic relaxations is the significant reduction in the laser power
density required for efficient therapies [151,152]. Recently, a pilot study on the initial evalu-
ation of nano-photothermal agents based on gold nanoshells in the treatment of prostate
cancer confirmed the clinical safety of this combined therapy [153].

1.1.3. Targeted Drug Delivery

One of the most rapidly developing areas of modern pharmacology is targeted drug
delivery, with the aim to reduce the drug intake per dose and prevent exposure of healthy
tissue to chemically active analytes. In 1906, Paul Ehrlich introduced the term magic bullet,
describing the drug capable of locating the causative agent of the disease and providing the
adequate treatment without further distribution to unaffected areas [154]. Several decades
later, the first drug delivery systems were developed, containing active medical substances
attached to the surface of a carrier or encapsulated within the carrier which possesses
specific cell affinity contained within molecular vectors and would disintegrate and release
the capsulated drug upon contact with diseased cells [155–157]. Organic nanosystems
(liposomes, micelles, polymer NPs) [158–160] together with carbon nanotubes and fullerene
NPs [161–163] are the most often employed drug carriers, while different hormones, en-
zymes, peptides, antibodies, and viruses often serve as molecular vectors [164–167]. Thus
far, the available carriers and capsules for targeted drug delivery have each shown several
disadvantages, from limited chemical and mechanical stability of organic NPs, over the
questionable toxicity of carbon-based systems, to the general susceptibility to microbio-
logical attack, lack of control over the carrier movement and the rate of drug release, and,
finally, high cost [168–171]. Hence, the search for an optimal carrier has shifted direction
towards utilising the magnetically induced movement of magnetic nanosystems. Their
main advantages are simple visualisation (based on the principles of MRI), easy guidance
and retention in the desired area by externally applied magnetic field, and controllable
drug detachment triggered by heat released in the variable magnetic field (based on the
principles of magnetic hyperthermia). In addition, it is possible to engineer magnetic NPs
to either avoid or interact with the immune system in specific ways [172,173].

In common with the previous two applications, most attention has been devoted to
iron oxide NPs [174–176]. However, limitations of magnetic drug delivery have promoted
the search for materials of higher magnetic moments [177] due to the decrease in the
magnetic gradients connected to the distance from the source as well as to the fluid
hydrodynamics correlating with the depth of the affected tissue—i.e., the same drawbacks
as in hyperthermia treatments. So far, a combination of relatively strong magnetic fields
with SPION drug carriers has been shown to reach an effective depth of 10–15 cm in the
body [178]. Other restrictions relate to the acceptable size of the NPs; first, they have to
be below the critical size for optimal magnetic properties, which is a prerequisite to avoid
magnetic memory and agglomeration once the magnetic field is removed, and second, they
have to be small enough such that after the attachment of drug molecules on their surface
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they can still effectively pass through narrow barriers [179,180]. The small size implies a
reduced magnetic response and hence requires materials of high magnetisation, such as
mNPs, rather than metal oxides. Recently, 5–25 nm diameter cobalt–gold mNPs with a core–
shell structure and tailorable morphology were synthesised for the purpose of obtaining
high-magnetisation drug carriers [181]. The major advantage of the implementation of
cobalt within the mNP core is that it has a magnetic moment nearly twice that of iron oxides.

2. Features of mNPs

2.1. Electronic and Magnetic Properties of mNPs

The proper functionality of mNPs for specific applications depends on their mag-
netic properties, as well as their biophysical behaviour under physiological conditions.
While the latter is most efficiently captured by in vivo experiments, insight into the depen-
dence of magnetic properties of nanometre-scale particles on their size, composition, and
morphology can be reliably obtained by computer modelling techniques.

Magnetic properties of mNPs can be classified as intrinsic or extrinsic. The former
are more important since they are derived from the interactions on an atomic length
scale and highly depend on chemical composition and grain size, shape, and crystal
microstructure. Additionally, they are much more affected by surface effects and therefore
give rise to specific manifestations, such as superparamagnetism, that can only be found
at the nanoscale level. These properties include magnetic saturation, anisotropy, and the
Curie temperature.

Intrinsically, classification of mNPs based on the ordering of their magnetic moments
corresponds to the classes of bulk metallic materials, and hence there are paramagnetic
and ferromagnetic mNPs. Those that are paramagnetic exhibit no collective magnetic
interactions and they are not magnetically ordered; however, in the presence of a magnetic
field, there is a partial alignment of the atomic magnetic moments in the direction of the
field, resulting in a net positive magnetisation. mNPs belonging to the ferromagnetic class
exhibit long-range magnetic order below a certain critical temperature, resulting in large
net magnetisation even in the absence of the magnetic field. If the diameter of the mNP
is larger than the critical value, DC, coupling interactions cause mutual spin alignment of
adjacent atoms over large volume regions called magnetic domains. Domains are separated
by domain walls, in which the direction of magnetisation of dipoles rotates smoothly from
the direction in one domain towards the direction in the next. Once the diameter falls under
the critical value (typically between 3 and 50 nm), mNPs can no longer accommodate a
wall and each of them becomes a single domain. Additionally, since each domain is also
a separate particle, there can be no interactions or ordering of domains within a sample,
and particles do not retain any net magnetisation once the external field has been removed.
This phenomenon is known as superparamagnetism. Superparamagnetic mNPs are, as
the name suggests, much alike paramagnetic mNPs apart from the fact that this property
arises from ferromagnetism. Their normal ferromagnetic movements combined with very
short relaxation times enable the spins to randomly flip direction under the influence of
temperature or to rapidly follow directional changes in the applied field. The temperature
above which the thermal energy will be sufficient to suppress ferromagnetic behaviour is
called the blocking temperature, TB. Below TB, the magnetisation is relatively stable and
shows ferromagnetic behaviour, while for T > TB, the spins are as free as in a paramagnetic
system and particles behave superparamagnetically. Blocking temperatures for most mNPs
are below 100 K [182–185], and their behaviour is therefore paramagnetic, as for most
temperatures they are only magnetised in the presence of the external field, but their
magnetisation values are in the range of ferromagnetic substances. Moreover, the strength
of the external field needed to reach the saturation point of superparamagnetic mNPs is
comparable to that of ferromagnetic mNPs.

The highest magnetisation that mNPs can obtain when exposed to a sufficiently large
magnetic field is called the saturation magnetisation, MS. It is the maximum value of
the material’s permeability curve, where permeability, μ, is the measure of magnetisation
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that a material obtains in response to an applied magnetic field (total magnetisation of
material per volume). It is often correlated with the ratio of magnetisation to the intensity
of an applied magnetic field H, which is known as the magnetic susceptibility, χ, and
describes whether a material is attracted into or repelled out of a magnetic field. The
magnitude of saturation is a function of temperature; once it is reached, no further increase
in magnetisation can occur even by increasing the strength of the applied field. The unique
temperature limit at which ferromagnetic mNPs can maintain permanent magnetisation is
the Curie temperature, TC. Notably, when the mNP size is reduced from multidomain to a
single domain, the magnitude of MS decreases due to the increment in the spin disorder
effect at the surface; thus, the MS value is also directly proportional to the size of mNPs.

In almost all cases, magnetic materials contain some type of anisotropy that affects
their magnetic behaviour. The most common types of anisotropy are (a) magneto-crystalline
anisotropy (MCA), (b) surface anisotropy, (c) shape anisotropy, (d) exchange anisotropy,
and (e) induced anisotropy (by stress, for example), where MCA and shape anisotropy
are the most important in mNPs. Magneto-crystalline anisotropy is the tendency of the
magnetisation to align along a specific spatial direction rather than randomly fluctuate
over time. It arises from spin–orbit interactions and energetically favours alignment of
the magnetic moments along the so-called easy axis. Factors affecting the MCA are the
type of material, temperature, and impurities, whereas it does not depend on the shape
and size of the mNP. Morphology effects are included in the shape anisotropy. Stress
anisotropy implies that magnetisation might change with stress, for example when the
surfaces are modified through ligand adsorption, which means that the surface structure
can significantly influence the total anisotropy. Hence, due to the large ratio of surface to
bulk atoms, the surface anisotropy of mNPs could be very significant, and the coating of
mNPs can therefore have a strong influence on their magnetic anisotropies. Different types
of anisotropy are often expressed simply as magnetic anisotropy energy (MAE), which
determines the stability of the magnetisation by describing the dependence of the internal
energy on the direction of spontaneous magnetisation. It has a strong effect on the values
of extrinsic properties.

Extrinsic properties of mNPs are not as essential as the intrinsic. They are derived
from long-range interactions and include magnetic coercivity and remnant magnetisation
(remanence), which are dependent on microstructural factors, such as the orientation of
intermetallic phases.

Magnetic coercivity, HC, can be described as a resistance of a magnetic material to
changes in magnetisation, and it is equivalent to the magnitude of the external magnetic
field needed to demagnetise material that has previously been magnetised to its saturation
point. Ferromagnetic mNPs that have reached saturation cannot return to zero magnetisa-
tion in the same direction once the applied field has been removed, and the magnetic field
is therefore applied in the opposite direction. This process leads to the creation of a loop
known as hysteresis. Hysteresis loops indicate the correlation between the magnetic field
and the induced flux density (B/H curves). Superparamagnetic mNPs each have only one
domain, and no hysteresis loop is obtained when the applied field is reversed. Remnant
magnetisation, Mr, is magnetisation left after the magnetic field has been removed. Once
the saturation has occurred and a magnetic field is no longer applied, ferromagnetic mNPs
will produce an auxiliary magnetic field and resist sudden change to remain magnetised.
In contrast, superparamagnetic mNPs will behave as paramagnets with instant need for
demagnetisation and negligible Mr. This property allows for ferromagnetic mNPs to gain
magnetic memory.

2.2. Biomedically Desired Properties of mNPs

Specifics of the application of interest govern the desired properties of materials used,
as was described briefly for the diagnostics and therapy methods in the previous section.
In biomedicine, the safety of the treatment towards a patient is the highest priority, and
hence superparamagnetic mNPs are preferred because they are magnetised only under
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the influence of an external magnetic field and quickly demagnetise otherwise, which
makes them safer for the human body. This implies that no coercive forces or remanence
exist, preventing magnetic interactions between particles and their aggregation, which
could lead to adverse problems derived from the formation of clots in the blood circulation
system. Saturation magnetisation is also a substantial factor for two reasons: (1) mNPs
with high MS show a more prominent response to the external magnetic field; (2) high
MS makes the movements of mNPs more controllable and guarantees efficient response
to the magnetic field, implying reduced time of residence and lower required dosages
of mNPs. MS is dependent on the mNP magnetic moment, size, and distribution, and
it is thus important to take them into consideration. An increase in size yields higher
MS, but above the critical diameter, mNPs become ferromagnetic and show undesired
behaviour due to the formation of agglomerates and magnetic memory. Moreover, very
small diameter sizes are highly desirable to reach regions of limited access; in order to
cross the blood–brain barrier, for example, a magnetic core size of d ≈ 12 nm or less is
required. Thus, a suitable balance should be found between the size distribution and
magnetic properties. Since mNP-based therapies work by directing the mNPs to a target
site using an external magnetic field, magnetic anisotropy is also a very important factor.

Alongside these general requirements that are applicable to all biomedical applications,
to enhance the performance of mNPs within MRI diagnostics and hyperthermia therapy it
is essential to gain insight into the inherent mechanisms behind their magnetic processes
and assess the properties of mNPs and external magnetic field parameters for optimal
treatment results.

2.2.1. Relevant Features in MRI

The mechanism of relaxation enhancement directed by MRI contrast agents arises
from the dynamic interactions of water molecules with the magnetic centres. Established
classical models have significantly contributed to the correlation between the contrast
agents’ properties and performance, paving the way to the smarter design of new materials.
These models are based on the interpretation of proton–electron interactions between water
protons and contrast agents, which is the most important mechanism behind the T1 and T2
contrasts within the contrast-agent-assisted MRI [186–188].

For contrast agents consisting of magnetic centre–ligand complexes, interacting water
protons are classified into inner-sphere, second-sphere, and outer-sphere protons, each
having distinct interaction mechanisms. The inner-sphere mechanism involves direct
magnetic centre–water coordination, whereas the second-sphere mechanism describes
interactions between the magnetic centre and water protons situated within the second
coordination sphere through hydrogen bonds. The outer sphere includes the influence of
the magnetic centre on the translational diffusion and rotational motion of the remaining
bulk water protons [97,189]. However, for contrast agents consisting of magnetic particles,
the direct coordination of water is atypical, and the largest share of the nuclear magnetic
relaxation of water protons in solutions (or suspensions) of magnetic particles arises
from pure magnetic interactions at the molecular level. In essence, this amounts to the
reformulation of the outer-sphere mechanisms from a single metal atom complex centre to
the solution of mNPs.

Superparamagnetic mNPs with large magnetic susceptibility produce local magnetic
fields under the influence of an external magnetic field. As a result, the local magnetic field
causes a perturbation in the motion and relaxation of nearby water protons. Hence, the
relaxation is induced by the fluctuating dipolar interaction between the nuclear magnetic
moment of the water proton and the global magnetic moment of the mNP, just as in the
case of classical outer-sphere theory. This reformed outer-sphere theory now describes
the change in the relaxation of solvent protons as the water molecules diffuse into the
neighbourhood of a solute particle and start interacting with its magnetic dipolar moment.

This type of local perturbation shortens the T2 relaxation time, also known as spin–spin
relaxation, of water protons during water diffusion. The mNP contrast agent catalytically
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relaxes water protons at the particle–solvent interface emanating in T2-weighted MRI
images. The extent to which the mNP contrast agent affects the relaxation rate of tissue
water can be quantitatively characterised by its transversal relaxivity, rCA, and the final
relaxation rate of the tissue, r2, is given by:

r2 =
1
T2

=
1

To
2
+ rCA[CA]. (1)

mNP relaxivity is thus defined as a proportionality constant between the induced
increase in the relaxation rate of the tissue and the concentration of the contrast agent, [CA].
By definition, low doses of high-relaxivity contrast agents provide an equivalent contrast
magnification as higher concentrations of contrast agents with inferior rCA. Every tissue
has an inherent relaxation rate, 1/To

2 , and in order to generate an observable contrast, the
relaxivity of the contrast agent should be at least at 10% of the inherent rate.

Outer-sphere theory for T2 relaxivity has developed an expression for the depen-
dence of relaxivity performance of superparamagnetic mNPs on their intrinsic properties—
saturation magnetisation and the effective radius:

r2 =
1
T2

= κγVeffM2
s

r2

D(1 + l/r)
, (2)

where κγ is the constant derived from the gyromagnetic ratio of solvent protons, Veff is the
effective volume fraction (V/ [CA]), Ms is the saturation magnetisation, r is the radius of
the magnetic core, l is the thickness of impermeable mNP coating, and D is the diffusion
coefficient of water molecules. Viewed simplistically, an increased Ms value is reflected
in the increased response of mNP contrast agents to be magnetised by the external field,
resulting in the higher r2 relaxivity. Similarly, improved relaxivities can be achieved with a
larger magnetic core radius. As the proton relaxation occurs mainly at the interface of the
mNP and surrounding aqueous environment, nanoparticle coatings also influence the rate
of T2 relaxation through the coating thickness.

T2 relaxation processes occur through three mechanisms. The first mechanism, known
as Curie spin relaxation, arises from the dipolar interactions between water protons and
a large magnetic moment of unpaired mNP electrons. It depends on the strength of the
applied magnetic field and is a function of the size and water diffusion time, r2/4D. This
mechanism is prominent for small-sized mNP contrast agents under strong fields, while
it decreases rapidly for larger mNPs where T2 relaxation is mostly dominated by the
remaining two mechanisms: dipole–dipole coupling between metal ions and hydrogen
nuclei and scalar or contact relaxation processes. Hence, a primary factor affecting r2 is
the mNP-generated inhomogeneity, which depends largely on the magnetisation of the
contrast agent. In general, more efficient inhomogeneity originates from materials with
higher saturation magnetisation; such materials can also influence a greater volume of
surrounding water. However, the effective magnetisation value of mNPs is often several
times lower than that of the bulk counterpart, caused primarily by an increased magnetic
anisotropy. Due to the presence of magnetically ‘dead’ or tilted layers of atoms on the
mNP surface, the surface atomic spins are largely canted, thereby enhancing the MAE and
reducing overall magnetisation. This effect is especially pronounced in small particles,
owing to their high surface-to-volume ratio. Additionally, MAE is also affected by the
mNP morphology and surface interactions. For particles of the same volume, a reduced
shape and surface anisotropy lead to the spin state similarity between the surface and core,
thereby increasing the magnetisation. Contact interfaces between two different magnetic
phases, for example in the form of core–shell NPs, often provide an additional source of
anisotropy (exchange anisotropy), resulting in a slight reduction but also in stabilisation of
magnetisation and improved coercivity. Moreover, changes in the magnetic moments of
surface atoms can be enforced through surface functionalisation.
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Diffusion dynamics of water molecules in the magnetic field gradients is another
important factor for effective r2 rates. It is characterised by the number of water molecules
that have diffused into close proximity of the interface with the contrast agent and their
residency time within that region. mNPs with large magnetic moments have a stronger
tendency to form dipole interactions with water protons, to form a larger area of influence,
and to provide a greater possibility of relaxing the diffused water molecules. Certain
coatings can also be beneficial in this matter, while others may hinder water diffusion or
prolong water residency within ligand pockets, reducing the image contrast. Coatings
forming a hydrophilic mNP surface favour diffusion and retention of water molecules
in the mNP outer-sphere. Finally, fine-tuning of the thickness, charge (ligands rich in
π-electrons create small magnetic fields increasing inhomogeneity), and porosity of the
coating allows for optimised water accessibility and residency.

Hence, the dynamic interactions behind the relaxation mechanisms depend predomi-
nantly on the magnetic properties of mNP contrast agents, which, in turn, are attributed
to a large extent to the mNP structural features. Relaxivity of superparamagnetic mNPs
can be enhanced not only via their magnetic properties, but also through the coating
optimisation. The last parameter directly included in the equation, without specifically
considering its effect on the magnetic properties, is the diameter of the magnetic core.
From the relationship, the r2 value can be increased by increasing the core size. However,
biomedical applications are limited by the superparamagnetic size limit. Within this critical
diameter, theoretical studies have identified three mNP size regimes depending on the
r2 rate trends: the motional average regime (MAR), the static dephasing regime (SDR),
and the echo-limiting regime (ELR) [190]. With the growing mNP size in the MAR regime,
relaxivity increases, reaching a plateau in the SDR regime. With any further size incre-
ment, mNPs fall in the ELR regime where r2 steeply decreases. Accordingly, the highest
r2 is achieved for mNPs within the SDR, but nanoparticulate contrast agents employed
thus far have been within the MAR regime to limit the NP aggregation through magnetic
interactions [191,192].

Finally, in nanoparticle-based imaging, higher mNP concentrations lead to an im-
proved signal-to-noise contrast, at a cost of a toxicity trade-off. Therefore, even though
it does not directly affect the relaxivity constant, mNP concentration is one of the most
important parameters in the development of nanoparticulate contrast agents, with the
objective of obtaining sufficient contrast at the safest (lowest) mNP concentrations. Studies
on SPIONs have consistently shown significant enhancement in the MRI signal when
the concentration of Fe progresses from 9 to 100 μg/mL [193–195], and the minimum
concentration found to produce marked hypointense signals was evaluated at or above
22.4 μg/mL [196]. Moreover, upon 24 h incubation, Mn-doped SPIONs displayed no
appreciable cytotoxicity even at the highest metal ion concentrations, indicating good
biocompatibility [193]. Furthermore, the sensitivity of the imaging technique must also be
taken into account. So far, the most sensitive detection experiments on mNP imaging have
demonstrated sensitivity to particle concentrations in the picomolar and tens of picomolars
range. For example, the tissue T2 contrast is clearly distinguished at gold-coated Co mNP
concentrations as low as 50 pM [55]. This detection threshold is 7 orders of magnitude
better than those for monocrystalline iron oxide particles, whereas the T2 relaxivity per-
particle concentration is improved up to 5 orders of magnitude compared to both magnetite
and Fe/Au NPs [197,198], which translates into lower mNP concentrations for efficient
MRI contrast.

2.2.2. Relevant Features in Hyperthermia

The heating efficiency of the magnetic nanoparticle hyperthermia process depends
on the power dissipated by the mNP following the application of an alternating magnetic
field, and it is often quantified through the specific absorption rate (SAR). SAR is the
rate at which the power is absorbed by a volume of dielectric material, such as biological
tissue, exposed to electromagnetic radiation (or another source of energy). It is often
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mentioned interchangeably with the specific heating power (SHP), which is defined as the
thermal power per unit mass dissipated by the magnetic material and accurately describes
a material’s heating efficiency. The interconversion of magnetic field energy into heat
by mNPs can arise through three mechanisms: eddy currents, hysteresis, and relaxation
processes. Eddy currents are loops of localised electric current induced by the varying
magnetic field. Their existence depends on how resistant the material is towards current
heating, and they are usually present in bulk crystals. The prevailing heating mechanism
in multidomain mNPs is hysteresis loss, while single-domain superparamagnetic mNPs
have high electrical resistivity, and such power loss is thus negligible compared to that
originating from relaxation processes. Relaxation mechanisms have two modes: following
the removal of the external magnetic field, magnetic moments relax either through the
motion of the internal spin (Néel relaxation) or by the rotation of the mNP around its
own axis (Brownian relaxation). Either relaxation of the magnetic moment back to the
initial position releases thermal energy and induces local heating due to friction. If the
mNP undergoes Néel relaxation, heat is dissipated by the rearrangement of atomic dipole
moments where internal friction causes phase lagging between the applied field and
magnetic moments. If the mNP relaxes through a Brownian relaxation mechanism, the
power loss arises from the shear stress in the surrounding medium. Additional power loss
can occur due to the physical relaxation of the liquid.

Quantification of the specific heating power of mNPs is derived as:

SHP =
1
2

ωμ0χ0H2 ωτ

1 + ω2τ2 (3)

where ω is the angular frequency of the external magnetic field and equals ω = 2π f , μ0 is
the magnetic permeability constant of free space, χ0 is the magnetic susceptibility, and H
is the magnitude of the external magnetic field. The fractional term leads to the maximal
power at ωτ = 1; in this case, the matching ω is called a critical frequency. An estimated
goal for the material development in this field is an SHP of the order of 1000 Wg−1, based on
the amount of mNPs that can be incorporated by a single living cell [16]. The critical factor
is hence the relaxation time of mNPs, τ, resulting from prevailing heating mechanisms.

Relaxation time can be defined as the time needed for magnetic moments of mNPs
to vanish once the external magnetic field has been shut off. For Néel relaxation, the
time constant of the external magnetic field is short enough so that magnetic moment
alternates from parallel to antiparallel orientation and back without a change in the physical
orientation of the particle. As excitation occurs against the anisotropy energy barrier,
the process strongly depends on mNP volume and anisotropic properties, and it is not
influenced by the conditions of the surrounding environment. The relaxation time for Néel
relaxation, τN , can be described by:

τN =
τ0

2

√
π

kT
KV

eKV/kT (4)

where τ0 is the characteristic relaxation time and equals τ0 = 1/ f0 ( f0 = 109 − 1013 s−1), k is
the Boltzmann constant, T is the temperature, K is the anisotropy constant (includes all
sources of anisotropy), and V is the volume of the mNP. KV is somehow equivalent to an
activation energy that has to be exceeded by the thermal energy, kT, to overcome the inher-
ent magnetic anisotropy energy barrier. In contrast, Brownian relaxation prevails when
magnetic anisotropy is sufficient to overcome inertial resistance, in which case the external
magnetic field causes rotation of a whole particle with the magnetic moment remaining
fixed relative to the crystal axis. The Brownian relaxation time is highly dependent on the
hydrodynamic properties of both mNP and surrounding medium, such as viscosity of the
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fluid and hydrodynamic volume of mNP, which includes any surfactant layer added for
colloidal stability. The equation that describes Brownian relaxation time, τB, is:

τB =
3ηVH

kt
(5)

where η is the viscosity of the medium and VH is the hydrodynamic volume of mNPs.
When these two processes are simultaneously involved, the effective relaxation time, which
describes the energy transfer rate, takes both into consideration, and the final expression
for the relaxation time is:

1
τ
=

1
τN

+
1
τB

. (6)

Overall, the shorter of the two dominates the effective relaxation time—Néel for small
particles in viscous solutions and Brownian for particles with large hydrodynamic volume
in an environment of lower viscosity. The exact division between mechanisms depends on
the anisotropy constant of each material. In magnetic nanoparticle hyperthermia, mNPs are
embedded in a tumorous tissue and internalised by cancer cells, either by adhesion to the
cell walls or in the form of the restraint of movement provided by cell plasma. Because of
this immobilisation, Brownian mechanism is damped to the maximum and Néel relaxation
occurs almost exclusively [199].

mNPs can be remagnetised only after their relaxation is completed; therefore, the
frequency of the external field has to match the relaxation time in order to obtain efficient
heating rates. SHP is maximised under the condition ωτ = 1, and since typical Brownian
relaxation times in systems where this mechanism dominates over Néel relaxation are
around 10−5 s, effective frequencies would need to be 105 rad s−1 (15 kHz), which is
much lower than any frequency reported in hyperthermia studies (100–300 kHz range)
and therefore favours relaxation times of 10−6 s or below [139,200]. This confirms Néel
relaxation as the predominant heating mechanism in magnetic nanoparticle hyperthermia
and accentuates the need for magnetic anisotropy energies that significantly exceed the
thermal energy (KV � kT); if the anisotropy constant is not satisfactory, no noteworthy
heating is expected. Therefore, SHP depends on the size, magnetisation, and anisotropy of
mNPs, as well as on the characteristics of the applied external magnetic field.

From the equation for τN , MAE is an important factor in enhancing the Néel relaxation
time. However, within the limitation of ωτ = 1 to maximise SHP, an enhancement of
the relaxation time may not always yield higher SHP values, and the frequency of the
external magnetic field must be chosen accordingly [139]. Only through that correlation
can efforts to increase the MAE of mNPs yield a higher heating efficiency and, ultimately,
by satisfying the ωτ = 1 condition, allow for the use of lower frequencies of the applied
magnetic field [201].

Magnetic nanoparticle hyperthermia involves the excitation of mNPs suspended in a
fluid medium using the external magnetic field, meaning that parameters of the magnetic
field itself should also be optimised to obtain the desired results. Changes in frequencies
and amplitudes directly and proportionally influence the heating power of mNPs, where
SHP increases rapidly with the increase in the strength of the magnetic field. Enough
heating power must be generated for the destruction of cancerous tissue, while at the same
time the frequency and strength of the applied magnetic field have to be safe for the human
body. These requirements force strict limitations on the frequencies to range from 0.05 to
1.2 MHz and the magnetic field strengths to range from 0 to 15 kA m−1. Higher values
would lead to serious problems, such as aggregation of mNPs causing embolisms, while
lower frequencies would stimulate skeletal, cardiac, and peripheral muscles and trigger
arrhythmias. Amplitudes are usually in the range of 5–30 kA m−1 and external magnetic
fields with H0 × f less than 4.85 × 108 A m−1 s−1 have been approved for successful use
in humans [202].

Theoretically, SHP cannot be controlled by the mNP concentration because they show
no obvious interdependence; however, higher mNP concentrations provide more efficient
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hyperthermia performance as less time is required to reach optimal temperatures. The con-
dition of sufficient heat generation by mNPs to sustain tissue temperature of at least 42 ◦C
for ~30 min was achieved in different studies by using SPION concentrations in the 0.1 to
400 mg/mL range, significantly higher than when used as T2 contrast agents [116,203–206].
Nonetheless, according to several recent reports, it was surprisingly observed that SHP
and SAR values can be affected by mNP concentration, contrary to the invariance for
6–300 mg/mL measured for mNPs dispersed in water [207]. The physical principle of
SHP oscillations was explained by the interparticle magnetic dipole and mutual potential
energy interactions, dividing the dependence into four concentration regions. In the region
of the lowest concentrations (<0.1 mg(Fe)/mL), the nanofluids showed the highest SHP; in
region 0.1–1.0 mg(Fe)/mL, a remarkable drop in SHP was observed; at 1.0–10 mg(Fe)/mL,
the SHP was increased again; and at the highest concentrations (10 mg(Fe)/mL or more),
the SHP was re-decreased [135,208].

Different combinations of superparamagnetic materials and biocompatible ligands
have been investigated, but achieved efficiencies are far from ideal and further efforts
are directed to find the best nanocomposites. The most important advance in the last
10 years was the commencement of the first-ever clinical studies of therapeutic hyperther-
mia induced by magnetic NP heating [121]. The study successfully demonstrated that
magnetite NPs can be safely applied in the treatment of brain tumours and that hyperther-
mic temperatures are achieved. Magnetite and maghemite NPs exhibit (up to this point)
medium heating efficiency with little or no control of temperature changes when compared
to other magnetic materials, but their biocompatibility, nontoxicity, and ability to escape
the reticuloendothelial system makes them preferred candidate NPs for magnetic hyper-
thermia. However, the relatively low heating rates of conventional SPION hyperthermia
agents [137] (less than 100 W g−1 for 400 kHz frequency and 10 kA m−1 magnetic field
strength) unfortunately often require a high mNP concentration, which would not only
result in potential toxicity but also complicate the monitoring of the progress of tumor
response using imaging tools, thus promoting the implementation of mNPs with higher
specific magnetisation. Many efforts have been made in order to improve the properties
of magnetite NPs; a valuable strategy was to increase their MAE by the total or partial
substitution of Fe2+ ions by Co2+ ions. Cobalt ferrites have shown comparatively high
thermal and oxidative stability with higher suitable MAE and consistently large heating
effects with SHP values reaching 720 W g−1, which is significantly higher than the rates
reported for the iron oxide NPs (22–200 W g−1 [209–211]). The current focus of research is
on cobalt mNPs to further improve the heating efficiency in hyperthermia therapy.

2.2.3. Relevant Features in Drug Delivery

Magnetic targeting of drug delivery carriers is based on the attraction of mNPs induced
by an external field. For the mNP drug carrier to be efficiently trapped in the magnetic field
at the targeted site, the gradient of the magnetic field has to exert a sufficient translational
force on the particle–drug complex. This magnetic force, Fmag, can be expressed as:

Fmag = (χ2 − χ1)V
1

μ0
B(∇B) (7)

where χ1,2 are the magnetic susceptibilities of the medium and the mNP, V is the volume
of mNPs, μ0 is the magnetic constant, B is the strength of the magnetic field, and ∇B is the
field gradient. The susceptibility of the biological medium is usually very small compared
to that of mNPs and can be disregarded. From the expression, the effective capture of the
mNPs depends on the magnetic properties and volume of the particles, as well as on the
parameters of the applied magnetic field. As the magnetisation of the mNP decreases, the
ability of the magnetic field to capture and direct them also decreases. Correspondingly,
insufficient field strengths and gradients have limited penetration depth and generate
weak translational force. Estimations from experimental studies and extended theoretical
investigation of the hydrodynamic conditions of mNP drug carrier targeting have indicated
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that a minimal field strength of 200–700 mT is required at the target site with gradients
along the z-axis of approximately 8–100 T/m depending on the flow rate [126,127].

3. Computational Modelling of mNPs

For the optimal performance of mNPs in biomedical applications, it is important that
they are biocompatible and nontoxic and have colloidal stability, opportune surface modi-
fication, an appropriate particle size, and, above all, adequate magnetic properties. The
dependence of magnetic properties on the structural parameters of mNPs, namely their size
and shape, is well known, with paramount examples in the literature [212–218]. However,
the determination of this correlation is by no means easy or exempt from complications.
Even with advances in the control over the synthesis and characterisation, an ever-present
distribution of mNP sizes ultimately prevents the assignment of specific magnetic features
to a particular size or morphology. Furthermore, capping agents increase the complexity
of the system, adding even more uncertainty to the assignment of the origin of specific
magnetic behaviour. These impediments in the determination of a specific connection be-
tween the mNP morphology, coating, and magnetisation are a substantial limitation in the
development of property-tuning strategies, which are an ultimate tool in the engineering of
mNPs for specific applications. It is in this sense that computational modelling becomes a
powerful complementary technique to experiment, by unravelling the connection between
the properties of mNPs and their structural factors.

The modelling of isolated monometallic mNPs is only limited by the availability of
sufficient computational resources, and quantum mechanical calculations have become
the standard technique to obtain properties of clusters and smaller mNPs of up to a few
hundred atoms [219–227]. The acquisition of resources for quantum simulations can be
problematic for larger mNPs with more realistic diameters that are closer to application-
relevant sizes. For simulations of such mNPs with hundreds or thousands of atoms,
approximate theoretical models have been designed, based on classical interatomic po-
tentials with parameters that were fitted either to the experimentally captured properties
or to the descriptors obtained through quantum density functional theory (DFT) calcula-
tions [228–233]. It is the quality of these parameters, as assessed by their ability to estimate
closely the values of targeted data, that ultimately determines the accuracy of the results
obtained from molecular simulations. Despite the success of classical molecular dynamics
(MD) in describing the behaviour of large mNPs, the need to predefine fixed interaction
potentials in the form of a force field remains a significant challenge for metallic species
and their interaction with different capping agents [234–237]. The lack of the description
of bond breaking/forming at the MD level is also hampering any investigation of the
mNP reactivity. Additionally, even after the sufficient potentials for a specific system of
interest have been elaborated, changing a single species provokes enormous efforts to
suitably reparameterise the potential energy function. As a result, systematic studies are
a tour de force if consistent potentials are not already available. However, the advent of
highly parallelised supercomputers has gone side-by-side with the progress in ab initio DFT
methods, expanding the initial studies of small gas-phase metal clusters to investigations
of large mNPs and their interaction with protective coatings [238–243].

This review focuses on the computational modelling of cobalt mNPs as tackled mostly
by means of DFT calculations, which has aided insight into the link between their structural
and magnetic properties. It is our aim to show that these studies can provide important
information to allow reliable predictions of mNP performance within biomedical applica-
tions. They provide a useful gateway before attempting a rational, engineered tuning of
the magnetisation of Co mNPs, and they may result in a sound modelling approach for
magnetic mNPs of varying compositions as they rely only on ab initio inputs of physical
constants. Coating and alloying effects are also contemplated, as changes in the magnetic
behaviour can be induced by an active interplay between the surfactants and mNPs or
between different metallic phases.
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A physical description and expressions of observed NP phenomena (magnetic relax-
ation, heat dissipation, etc.) helped to identify factors affecting material capabilities and
the treatment outcomes. Incorporation of ab initio models in the research efforts to opti-
mise these factors within magnetic nanosystems could hence facilitate tuning strategies of
application-specific properties to acquire the maximum treatment efficacy, and DFT results
are often implemented in extended Monte Carlo simulations or analytical and numerical
models to quantify magnetic field response, proton relaxation, or heat transfer [244–247].
However, it is important to note that the optimum property settings to generate maximum
relaxation or heating through analytically developed expressions cannot ensure clinical
suitability, as the optimisation process is often based on a number of assumptions that
may deviate in real-life applications [248]. Even in vivo and in vitro studies sometimes give
conflicting results [249–251], and DFT predictions and accompanying optimisation models
must hence be verified by clinical data.

3.1. Monometallic mNPs
3.1.1. Cluster Model

The simulation and description of nanosized metallic systems essentially begin by
modelling clusters with a small number of atoms. Quite often, exhaustive efforts to define
the cluster structure belonging to the global energy minimum of a certain atomic size (note
that the number of possible configurations grows exponentially with the number of atoms)
can be simplified by implementing a molecular dynamics simulation. Rives et al. [252] and
Rodríguez-López et al. [253] have captured corresponding growth structures for small Co
clusters using different potential parameters. Both found an icosahedral growth pattern for
the global minimum energy structure with hcp and fcc structures dominating in particular
sizes, whereas for the second isomer, distorted icosahedral structures were generally
obtained. However, MD-based methods lack the electron-level description necessary for
the determination of magnetic behaviour and bond forming and breaking, and hence
their use beyond the identification of suitably stable structures is rather limited. Hence,
knowledge of electronic structures obtainable through quantum mechanical methods, such
as those based on the DFT, is required.

DFT results for a number of chosen morphologies will in the majority of cases show
good agreement with the MD trends, and the magnetic properties or reactivity behaviour of
those structures can be investigated further on the quantum level. The MD-DFT agreement
in the stability trends of a convenient number of shapes (convenient in respect of DFT
computational cost and exploration of the global minimum well) for each cluster size in
the case of Co clusters can be seen in multiple studies, with a few examples shown in
Figure 3 [239,253,254]. The second energy difference in the total energy of successive cluster
sizes also captures the ability of DFT calculations to reproduce the stable morphologies
across the range of cluster sizes (Figure 4).

Small clusters efficiently capture the large surface-to-volume ratio effects on the
magnetic and electronic properties, but these observables generally show strong oscillations
with the number of atoms per cluster. Such small clusters are known as systems where
every atom counts, and an estimation of the properties of a particular cluster size from
the characteristics of the neighbouring sized clusters is often misleading. Fortunately,
electronic structure features for the couple-atom systems are easily obtainable within the
DFT approaches [255–261].

Because of the property oscillations, which are also heavily dependent on the type
of metal atoms that constitute the cluster, a universal description of the progression of
magnetic moment, or any other property, does not exist. The closest researchers have come
to a unifying picture of metal clusters is the closed-shell model, which is manifested through
the filling of electronic shells resulting in clusters of extraordinary stability [262–264]. The
numbers of electrons corresponding to closed electron shells in metal clusters are 8, 20,
40, 58, etc. This model can often be extended to clusters with geometrically closed shells
that often adopt ‘perfect’ structural shapes, such as 13-atom icosahedron. However, the
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closed-shell model cannot account for a large number of cluster sizes and their structural
isomers that are between the clusters with a relevant number of atoms sufficient to form
closed electronic or geometric shells. This rich variety of conformational isomers, which
often exists within a narrow energy range, and the unique set of properties for each added
atom translate into a rather complex issue in the electronic and magnetic structures for
small metal clusters [265].

Figure 3. Agreement between most stable cluster structures of 6-, 8-, and 14-atom Co as predicted
by DFT [239,254] and MD [252,253] simulations. For DFT studies, energy difference between the
structural isomers is given in the square brackets in eV.

Figure 4. Relative energy stability of successive Co cluster sizes expressed as a second difference
in total energy, ΔE2, as predicted by DFT (Datta (2007) and Farkaš (2020) [239,254]) and MD (Rives
(2008) and Rodriguez (2003) [252,253]) simulations.

Magnetic properties, namely magnetic moments per Co atom and magnetic anisotropy
energies of small Co clusters (2 ≤ N ≤ 30), are shown in Figure 5. Anything better than a
general agreement between experiment and theory is hardly achievable, primarily owing to
the deficiency in DFT treatment of the orbital moments, which can be rather large in clusters,
in contrast to the bulk metal where they are strongly suppressed [266]. Recent findings
of orbital moments in small Co clusters of an order of magnitude higher than those in
the bulk further confirm this [267]. Additionally, experimental measurements of magnetic
moments also suffer from rapid decrease in the cluster beam intensities, thermalisation,
and changes in the direction of magnetisation in response to thermal fluctuations [268–271].
Inconsistencies in the experimental and computed trends can be improved for intermediate
sizes (10 ≤ N ≤ 25) by introducing magnetic moments of the second most stable isomer,
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confirming the possible coexistence of different isomers in the cluster beam, which was
proposed experimentally [268].

Figure 5. Experimental data are taken from Knickelbein (2006) [270] (�) and Xu (2005) [271] (�), DFT
data from Farkaš (2020) [239]. Legend is the same for both graphs.

Generally, clusters in this size range show significantly increased values of the mag-
netic moment and MAE compared to the bulk counterparts (1.72/1.64 μB and 27.2/1.7 μeV
MAE per atom for hcp/fcc Co bulk), but the degree of increase is size-dependent. Neverthe-
less, the differences between magnetic properties of Co clusters and bulk are more a matter
of degree than a matter of type, as they are both composed of atoms whose electronic
character (i.e., number of unpaired electrons) is responsible for their magnetism. Only in
rare instances do metal clusters and metal bulk phases show inverse behaviour [272]. The
degree of the cluster’s magnetic character depends on the spin coupling of composing
atoms, and, as seen in Figure 5, no obvious magnetic moment or MAE trends exist as the
cluster size progresses towards a couple of tens of atoms.

In contrast, the chemical properties of small clusters are a combination of the reactivity
of bulk and molecular matter, and any general conclusion cannot be simply extrapolated
from the bulk behaviour. Similar to the magnetic properties, small and medium clusters
show different reactivities that do not vary smoothly with size. Oscillations in the adsorp-
tion energies of oxygen on the small Co clusters in the 2 ≤ N ≤ 30 range are shown in
Figure 6. At instances, groups of cluster sizes with resembling geometries, such as N = 4–7
or N = 15–19, also show similar adsorption behaviour for atomic adsorbates.

Figure 6. DFT-calculated adsorption energies for single-atom oxygen adsorption on small (2 ≤ N ≤ 30)
Co clusters.

However, two different geometric forms of the cluster of a single size often have
different reactivities, similarly to the distinct properties of molecules with the same el-
emental composition but different conformation (chemical isomers). For example, the
computed adsorption energy of an oxygen atom on the six-atom cluster with Oh symmetry
is −2.79 eV, whereas the same quantity on the six-atom cluster with C2v symmetry is only
−1.29 eV. Similarly, 18-atom clusters with icosahedral and hexagonal geometries yielded
Eads of −2.88 and −3.38 eV, respectively. It is also not unusual for several cluster sizes and
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morphologies to induce dissociation of certain molecules, whereas the rest of the cluster
systems facilitate plain adsorption [273].

These observations have led to the formulation of what is today known as the non-
scalable regime, where chemical and physical properties of clusters cannot be predicted
through size-correlated trends but are instead completely independent for each number of
atoms. Any system showing such autonomous behaviour and belonging to the series of
sizes where trends, if any, are captured with great difficulty, should never be referred to
as a metal NP, but rather as a metal cluster or a nanocluster, and as such cannot represent
realistic behaviour of nanoparticles.

3.1.2. Surface Model

Metal clusters have, nevertheless, been employed as models for metal surfaces and
NPs owing to the confined number of atoms, which was easy to simulate by employ-
ing the most sophisticated and accurate quantum methods [274–276]. However, even
though these models were useful for insights into the adsorbate–metal atom interactions,
a cluster representation results in an increased number of undercoordinated metal sites,
which often translates into unrealistic surface or NP electronic properties and chemical
activities [277–279]. Consequently, cluster representations have been abandoned, giving
place to the extended slab models obtained at the extent of the metal surface periodicity.

The periodic slab model has quickly become the standard for theoretical studies of
surface chemistry, and it was believed that a complete description of mNPs can be gained
through such simulations if mNPs are considered as a sum of discrete facets [280–285]. For
example, for those Co cluster sizes with hexagonal symmetry which showed sufficient
surface expansion so that the atomic adsorbate can bind to the cluster solely through the
facet sites without interacting with any of the undercoordinated atoms (22 ≤ N ≤ 30), the
calculated facet adsorption strength (between −3.06 and −3.54 eV) coincides with the
adsorption on the extended slab system (Eads = −3.12 eV). Since the chemical reactivity
of facets of relatively small metallic clusters can be envisioned by employing extended
slab models, this should also hold for large mNPs with significantly larger surface areas.
Nevertheless, there is still a high level of uncertainty when considering these models as
reliable representations of the changes in the electronic properties of mNPs upon chemi-
cal adsorption.

For cobalt, both fcc- and hcp-bulk phases can be a basis for the mNP construction.
Hcp-built mNPs are known to be tiled by the (0001) and

(
1011

)
as the most prominent

surfaces, while the (111) surface dominates the mNPs of the fcc framework. Average
magnetic moments of slab surface models are naturally going to show values closer to
the bulk magnetisation than to the moments of cluster systems considering the complete
absence of any undercoordinated sites. However, layer-by-layer progression of magnetic
moments from the top-most surface atoms towards the bulk-like inner atoms of the slab
model is often taken as an indication of the shell-to-core progression of magnetic behaviour
of larger, facet-saturated mNPs. Magnetic moments of different layers are shown for the
three populated surfaces in Figure 7 (left). A 5–8% reduction in the magnetic moment of
Co atoms is captured when going from the surface to the inner, bulk-like atomic layers. An
obvious deficiency in slab representation of shell-to-core progression of magnetic moments
is the planar contact point between the atoms placed in different atomic layers as opposed
to the radial distribution of atoms within the real mNP.

Upon adsorption of a full monolayer (ML) of oxygen (where full monolayer or 1.00 ML
is established when the number of interacting atomic adsorbates corresponds to the number
of Co atoms in the surface layer), the distribution of magnetic moments between the layers
significantly changes (Figure 7, right). Hcp (0001) and fcc (111) surfaces are flat in the
sense that the closest Co atoms are levelled within a straight plane and adsorption takes
place monotonously on top of the surface, whereas the hcp

(
1011

)
surface has a row-like

arrangement and allows channel-driven adsorption or even stimulates the subsurface
adsorption with minimum energy cost. This significantly influences the induced change in
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the magnetic moments of surface atoms—for the (0001) and (111) surface, the top-most
surface Co atoms experience a reduction in magnetic moments. In the case of the (0001)
surface, an 85% decrease in magnetic moment is observed, with a 5–10% reduction in the
remaining atomic layers. On the (111) surface with lower packing density, there is a 20%
decrease for the first-layer atoms and a 15–30% increase in the inner slab layers. Magnetic
moments of the top-most

(
1011

)
surface atoms, on the other hand, have 15–40% higher

values after adsorption, and a similar rate of increase is observed for the third atomic layer
upon the in-channel incorporation of adsorbate atoms.

Figure 7. Magnetic moment per Co atom, μ, as a function of the atomic layer within the extended
slab models of hcp (0001), hcp

(
1011

)
, and fcc (111) surfaces of metallic cobalt—left: bare surfaces,

right: oxidised surfaces. Layers are numbered going from bulk to the surface, 1 being the bulk-like
inside layer and 5 being the top-most surface layer.

However, the effect of adsorption on the magnetic moments is a complex, site-
dependent issue, and different atoms within the same layer might experience varying
cumulative effects of adsorbate atoms or molecules [286–288]. Atom-decomposed proper-
ties can hence reveal more details on adsorbate–surface coupling and the magnetic nature
of the oxidative layer. For oxidative adsorbates, such as atomic oxygen, saturation of the
metallic surface can easily lead towards the formation of a metal oxide skin [289–294].
Metal oxides often show significantly distinct magnetic properties from their parent metal
materials, which can be unfavourable for many applications.

Experimental studies of cobalt oxidation have observed the growth of cobalt oxides
in the (111) direction on the (0001) surface of hcp Co [295]. The top panel of Figure 8
shows optimised magnetic ordering of the (0001) surface with different oxygen coverages
and the Co3O4 (111) surface as modelled by the Hubbard-corrected generalised gradient
approximation, GGA + U (Ueff = 3.0 eV) with accompanying densities of state (DOS).
GGA + U is known to accurately capture the electronic and magnetic nature of metallic
oxides and corresponding metal–oxygen structures, as also shown specifically for cobalt in
the literature [296–299]. CoO is known to have antiferromagnetic ordering of type II (AF-II)
as the most stable magnetic ordering below its Néel temperature (210 K) [300,301]. Co3O4
has magnetically active Co2+ ions located in the tetrahedral sites, while octahedral Co3+ ions
do not have a permanent magnetic moment [302,303]. Bellow the Néel temperature (∼40 K),
the antiparallel magnetic ordering within the tetrahedral sublattice of Co3O4, due to the lack
of magnetic carriers in the octahedral positions, yields a fairly low material magnetisation.
Hence, oxidation at room temperature indicates a partial loss of magnetisation upon the
formation of magnetically dead cobalt oxide layers on the surface.

Initial oxygen adsorption on the (0001) surface, represented by low adsorbate cover-
ages (0.33 ML), results in a detectable prolongation of Co–Co bonds between the oxygen-
interacting and remaining Co atoms without changing the ferromagnetic nature of the
cobalt surface. An increase in the magnetic moments of Co atoms that bind to oxygen
(dCo–O = 1.95 Å) is captured at 1.98 to 2.06 μB, with 2.37 μB calculated for the elevated Co
atom. This corresponds well to the experimental suggestions of Co–O formation with CoO
character and an expanded intralayer lattice parameter [304], where the Co–O distance

64



Materials 2021, 14, 3611

at the (111) surface of CoO is approximately 1.85 Å and magnetic moments of Co atoms
range from 2.30 to 2.60 μB. For medium coverages (0.67 ML), oxygen atoms adsorbed such
that three aligned surface Co atoms each formed bonds with three O atoms. Predicted
magnetic coupling consists of Co atoms bonded to three O atoms which have spin down
antiferromagnetic orientation and significantly reduced magnetic moments of 0.50–0.68 μB,
whilst the rest are oriented spin up and show values of 1.20–1.85 μB. Finally, the optimised
structure at full monolayer (1.00 ML) oxygen coverage, including bond lengths, DOS,
magnetic moments, and magnetic orderings, implies the initialisation of continuous oxide
formation on the (0001) surface. The full first layer is predicted to have minimal magneti-
sation of 0.35 μB with ferromagnetic coupling. The main 2p O and 3d Co hybridisation
peaks are situated between −0.5 and −2.0 eV, and between −4.0 and −5.0 eV, which is
consistent with the nonmagnetic Co(III) ions of Co3O4. Changes in the magnetic moments
of second-layer cobalt atoms are within 0.20 μB for any oxygen coverage.

Figure 8. Optimised magnetic orderings for different oxygen coverages on hcp Co (0001) (top panel)
and

(
1011

)
surface (bottom panel) as computed by GGA + U; orderings of predicted directions

of cobalt oxide growth are provided on the right. Below structures, pDOS in a.u. (range −2.5 to
2.5 states/eV) for 3d orbitals of each distinguishable Co surface atom and 2p orbitals of O atoms.
Grey, dark blue, and light blue spheres represent Co (II) up spin, Co (II) down spin, and Co (III)
atoms, respectively, with oxygen shown as red spheres.

Oxidation of the (1011) surface has not as yet been probed experimentally. The bottom
panel of Figure 8 shows optimised magnetic ordering of the (1011) surface with different
oxygen coverages as modelled by GGA+U (Ueff = 3.0 eV) plus accompanying DOS. For
coverages of half a monolayer (0.50 ML) or less, no changes in the ferromagnetic cou-
pling of surface cobalt atoms are observed and the calculated magnetic moments are in
the range of 1.91–2.23 μB. For higher coverages (0.75 ML), the results show changes in
the magnetic coupling of certain surface atoms, with a further increase in the magnetic
moments to 2.25–2.66 μB. At full monolayer coverage (1.00 ML), half of the surface atoms
had antiferromagnetic coupling and magnetic moments of 2.38–2.55 μB, while the rest expe-
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rienced ferromagnetic coupling with reduced magnetic moments at values of 1.88–2.20 μB.
Because of the integration of adsorbate atoms in the structurally arranged rows on the
surface, deeper layer Co atoms also feel the presence of oxygen, causing enhancement of
the magnetic moments to 1.85–1.95 μB.

Reconstruction of the initial row-like geometry of the (1011) surface through the full
monolayer oxygen adsorption indicates that the orientation of the cobalt oxide growth
would more likely be through the CoO (011) or CoO (100) surfaces compared to the (111)
directional growth at the (0001) surface. Experimentally suggested rearrangement of the
channel-characterised

(
1120

)
hcp Co surface towards the centred lattice of the CoO (100)

plane [305] through movement of Co atoms and centring of the adsorbed oxygen between
four Co atoms was successfully obtained within the same computational setup. Compared
to the

(
1120

)
surface, because of the prolonged Co–Co distances, further reconstruction

towards the CoO (100) faceting is not to be expected on the (1011) Co surface since already
at 1.00 ML certain oxygen atoms were unable to form bonds with more than two surface
atoms. Therefore, the (011) surface was suggested as the orientation of CoO growth on the
(1011) surface.

Decomposition of oxygen-induced magnetic effects on an atom-to-atom basis thus
allows for precise insight into the nature of the oxidised surface layer, which can be
used to predict the directional growth of oxide phases as well as further changes in the
magnetic moments of slab layers. Similar to the layer progression of magnetic moments
for bare slabs, oxygenated surfaces also suffer from the directional aspect of established
interactions, where planar adsorption of oxygen cannot account for the morphology-
governed adsorption on mNPs.

Following Van Vleck’s proposal [306] of spin–orbit coupling induced MCA, calcu-
lations of the magnetic anisotropy of metallic bulk phases and slabs have been carried
out at different levels of approximation, pioneered by Brooks [307], Fletcher [308], and
Daalderop [309,310], which have given satisfactory agreement with experimental methods.
An interesting phenomenon of spin reorientation in metallic 2D systems has been observed
for supported magnetic films (Fe/Ag(001) [311], Co/Au(111) [312], Ni/Cu(001) [313]). The
crucial parameter that affects the direction of magnetisation is the film thickness, as it can
induce change in the spontaneous magnetisation axis due to the competition between the
interface anisotropy and the effective bulk anisotropy, which includes magneto-crystalline
and shape anisotropy energies. It has been recently demonstrated that the electronic states
can be responsible for the oscillations of the magnetic anisotropy in Fe(001) thin films with
periods of five to nine monolayers since the quantum well states formed by d electrons
change position in reciprocal space depending on the magnetisation direction [314–316].
Magnetisation-dependent spin–orbit gaps were also observed when the system symmetry
was decreased compared to the bulk symmetry. Other factors influencing the interface or
bulk terms include temperature conditions (annealing [317]), the presence of surfactants
(capping layers [318,319]), and the stacking sequence [320], to name a few, and hence the
spin reorientation in the metallic systems also depends on each of these parameters.

The thickness dependence of the MCA energy of cobalt films for different slab arrange-
ments (hcp (0001), fcc (001), and fcc (111), built from the experimental lattice constants)
is shown on the left in Figure 9 at the local spin density approximation (LSDA) theory
level [321]. In the progression from ultrathin to >10 Å slabs, significant oscillations are
captured. For slabs with fewer than three atomic layers, interaction between the layers is
more pronounced, resulting in a less systematic behaviour that deviates from the general
trend. A certain degree of MCA energy convergence with respect to the slab thickness is
also obtained as the number of layers increases, although the oscillations comparable to
the total anisotropy values persist even for the thickest slabs considered. Cubic symmetry
imposes a minimal barrier for the transition between any of the perpendicular magneti-
sation directions since its calculated anisotropy is less than a few μeV, meaning that the
anisotropies of differently arranged fcc slabs are determined only by the in-plane lattice
structure, considering that the bulk anisotropy is negligible. Thus, the converged values
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are actually the surface anisotropy energies, and their estimations are −0.38 meV for the
(001) fcc surface and 0.19 meV for the (111) fcc surface. Note that a positive MCA energy
means that the easy magnetisation axis is out-of-plane, whereas a negative MCA energy
belongs to slabs with an in-plane easy magnetisation axis. The MCA energy of the hcp
(0001) slab shows a slightly negative slope, where the gradient of the linear fit for slabs
with more than 10 layers is −0.015 meV. This is in good agreement with the MCA energy
of the LSDA hcp bulk Co, which was calculated to be −0.010 meV. The value of the surface
anisotropy for the hcp (0001) surface has converged to 0.44 meV.

Figure 9. MCA energies for different fcc and hcp Co surfaces of varying thickness calculated at the
LSDA level of theory (left) and estimated shape anisotropy (right). Symbols are the same for both
graphs. Data are taken from Zhang (2009) [321]. Legends are the same for both graphs.

Another important contribution to the magnetic anisotropy of the system is the shape
anisotropy energy. For 2D films, shape anisotropy can be estimated at 2μBMs

2, as shown
for Co slabs in Figure 9 on the right. For both fcc and hcp Co slabs, the shape anisotropy
energy has almost the same linear dependence with respect to the thickness.

Calculations based on the unrestricted GGA relaxation of the four-layer surface slab
models were conducted for comparison, as shown in Figure 9 on the left, and agreement in
the results is satisfactory. Predicted anisotropy energies for the (0001), (1011), and (111)
Co slabs are hence 81.4 μJ/m2 or 6.57 μeV/atom, −7.98 μJ/m2 or −0.70 μeV/atom, and
199.01 μJ/m2 or 16.63 μeV/atom, respectively. These MCA values arise from the same
computational setup that captured the correct order of magnitude for bulk MCA of hcp
and fcc cobalt (calculated at 4.16 × 105 J/m3 or 27.20 μeV/atom and −1.68 × 104 J/m3 or
−1.54 μeV/atom; experiment at 0 K 7–8 × 105 J/m3 or 65 μeV/atom and −2.36×104 J/m3

or −1.6 μeV/atom [322]). Results of other experimental and theoretical studies conducted
on self-standing Co films also showed varying values depending on the film thickness.
From the anisotropy modelling of close-packed (111) ultrathin transition-metal films, the
MAE obtained for the Co (111) film was −0.28 meV [323]. A Néel model of the Co (0001)
surface predicted an MAE of 84 μJ/m2 [324], whereas measurements on the 1000 Å thick
Co film resulted in an in-plane anisotropy volume of −7.2 × 102 J/m3 [325].

2D Co systems deposited on different substrates have received a lot of attention for their
unique magnetic properties, both experimentally [320,326,327] and theoretically [328–331].
For a nonmagnetic supporting material, such as a gold surface, measured MAE values
correspond well to those calculated for unsupported extended slab models—experimental
measurements on the Au/Co interface gave values of 53–70 μJ/m2 [332]. Another study
of the Co/Au(111) system showed 17 μeV/atom out-of-plane magnetic anisotropy [333].
Supported ultrathin Co films are characterised by much higher anisotropy values. When
ultrathin films of cobalt atoms were deposited on Rh(111) and Pt(111) surfaces, the MAE
values measured were −0.37 ± 0.05 and −0.29 meV per Co atom, respectively [334]. The
combination of Co and Ir in a three-layer system gave rise to a similar anisotropy of
0.46 meV per atom, whereas only 0.02 meV MAE per atom was calculated for the Fe–Co–Ir
system [335]. Furthermore, significant oscillations were observed in the interlayer exchange
coupling for systems of varying numbers of Co and 4d transition-metal series layers, and
the following quantitative trends of magnetic properties were formulated as a result: across
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the noble metals and Pd, a ferromagnetic interlayer coupling was found; for the post-noble
metals and most 4d transition metals (with the exception of Mo), an antiferromagnetic
interlayer coupling was obtained, meaning that the choice of the metal can influence
the easy axis of magnetisation [336]. The interface magnetic anisotropy of the Co (0001)
film was shown to increase by 36 μJ/m2 upon Co surface oxidation, and follow-up DFT
calculations correlated this change with a positive charge increase of 0.54e− per oxidised
Co atom [337]. However, the MAE of extended metal slab models is strictly dominated by
the surface anisotropy factor, whereas the three-dimensional shape anisotropy that often
affects both intensity and easy axis of MAE of mNPs cannot be accounted for through the
2D models.

3.1.3. Nanoparticle Model

A surface representation of mNPs deliberately neglects the role of undercoordinated
particle sites, namely edges and vertices, and the effect of the full mNP geometric and
electronic structure, which often differs from that of the bulk material. However, converged
surface energies obtained by employing surface slab models can be implemented to build
NP models using the well-known Wulff construction method [338–340]. The premise of
the Wulff construction is that the length of a vector drawn normal to a crystal face from
the particle centre is proportional to the surface energy of the corresponding facet, and
the crystal equilibrium shape is obtained through the necessary minimisation of the total
surface energy of the particle. In practice, there is an infinite number of possible surfaces
that can be included in the model. Restraining the surface exploration to a set of those that
are experimentally observed is a plausible strategy, whereas taking into consideration only
the surfaces with low indices, which in general tend to include the most stable members, is
a relatively reliable getaway because such surfaces are the most likely to be expressed in the
morphology. Wulff NP construction of low-index facets has become a standard technique
to build particle models, as shown in Figure 10. As the contributions from the particle
edges are neglected in the Wulff construction method, the shape of small particles might
deviate from the predictions, but experimental analysis indicates that particles in the range
of a few nanometres are generally consistent with this construction principle [341,342].

Figure 10. Illustration of the Wulff construction of an fcc particle. Growth direction of crystal facet
planes is represented by black arrows, and the centre of the particle is represented by a black dot.
Atoms enclosed in the equilibrium shape of the nanoparticle are coloured in teal, while the rest of the
bulk atoms are grey. 3D morphology is shown in wire-frame and atomic representation.

More compact, quasispherical NP shapes can be constructed by applying symmetry
operations over stable surface members to obtain the highest density of atoms within
the NP volume, resulting in the multiple-twinned particle models. These are known
as noncrystalline NP models, and the most common is the icosahedron composed of
20 tetrahedra with (111) close-packed facets as their base and the central vertex as their
apex, conjoined at 12 boundary vertices with a fivefold rotational axis, as initially proposed
by Mackay [343]. The decahedron, on the other hand, is formed of five tetrahedra with
(111) close-packed facets, but its sphericity is far from that of the icosahedron, and it
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was first suggested by Ino [344]. Vertex and edge truncations, suggested by Marks and
Ino [345,346], can be implemented to achieve a better surface-to-volume ratio. However,
any noncrystalline motif is obtained at the expense of volume contributions for facets to be
able to close the intersurface gaps. Some of the possible mNP models, both crystalline and
noncrystalline, are represented in Figure 11.

Figure 11. Models of crystalline NPs (left to right: fcc—cuboctahedron and truncated octahedron,
bcc, and hcp) in top panel and noncrystalline NPs (left to right: icosahedron, regular, Marks, and Ino
decahedron) in bottom panel.

Significant progress in the modelling of mNPs was made when moderately large
NP models were implemented in DFT calculations for the simultaneous description of
terrace sites of extended surfaces and low-coordinated edge and vertex sites. The NP
model strategy is sufficient in providing the influence of the particle size and shape on
the properties of interest by defining the so-called scalable regime where many properties
(typically nonlocal—independent on the position of different atoms within the cluster, such
as cohesive energy per atom) monotonously converge toward the bulk or extended surface
limit. Other, more localised properties, which are related to the atoms of a particular region
of the NP, such as adsorption energies of simple adsorbates, show invariance with respect
to the number of atoms and slowly converge with the increase in the NP size.

Monotonous convergence of the cohesive energy of Co mNPs by applying the NP
model is shown in Figure 12 (left) for various morphologies and particle sizes [239]. To
limit the exhaustive number of calculations that would be needed if every NP size was
considered, the choice of sizes of interest is usually driven by the well-known oft-recurrence
of mNPs with a complete, regular outer geometry, designated as full-shell NPs. These
numbers, known as magic numbers, are obtained through the mathematical relationships
determined individually for each structural motif [347,348].

Size and morphology dependency of the energetic stability of a Co mNP is well
represented by linear regression and can be extrapolated to very large mNP sizes. For sizes
below 100 atoms, the stability of motifs based on the successive increase in the cohesive
energy per atom decreases going from the most stable icosahedron, over fcc truncated
octahedron, hcp, fcc cuboctahedron, and decahedron, to bcc as the least stable shape of Co
mNPs. Differences in energies for the clusters with the same number of atoms between any
two shapes are close to or less than 0.10 eV per atom. The icosahedron is identified as the
most stable shape throughout the whole range of small and medium cluster sizes, consistent
with the experimentally determined predominance of this noncrystalline shape within
particles of up to N = 800 atoms [349,350]. The icosahedron-to-hcp transition is predicted
to happen at around N ≈ 5500. An enlarged view of the intersection is represented as an
insert in Figure 12 (left).

A linear fitting approach based on the magic-numbered mNPs and a subsequent de-
termination of the stability trends is constrained by the assumption that the stability order
is maintained for the remaining, nonmagic particle sizes. Based on the experimental indica-
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tions of the simultaneous occurrence of more than a single geometrical shape at practically
any size, linearly interpolated morphology transitions of magic-numbered clusters serve
only as a guideline to the predominating geometry. A promising qualitative agreement was
found in recent works that have conducted a full sampling of the energy landscape beyond
the magic numbers, where the dominant mNP shape coincides with the one predicted by
a ‘simple’ magic number linear fit [351–353]. The noncrystalline/crystalline distributions
thus obtained for Co clusters with magic numbers of atoms represent a good reference point
for defining crossover sizes between the structural motifs. Note that shape alternations
could occur in reported stability windows, but they should nevertheless be expected to
contain the highest proportion of the energetically most favourable structure.

Figure 12. Linear fitting of the cohesive energies of Co NPs of varying morphologies with
55 < N < 1500 atoms with an insert capturing the crossover between the icosahedral and hexagonal
shape (left) [239]. Progression of oxygen adsorption energies from nonscalable (2 < N < 50) to scalable
regime of Co NPs with hexagonal symmetry (right); extended slab models are denoted as ∞.

An example of the convergence of more localised properties is the size-dependent
progression of the adsorption energy. Calculations of the adsorption behaviour of simple
adsorbates, but also of more complex molecules, have captured the nonscalable regime of
the smallest metallic cluster models and convergence of adsorption energies for particles
composed of approximately 50–60 atoms [273,354–361]. Size dependence of oxygen adsorp-
tion on small Co clusters with hexagonal symmetry and large crystalline hcp NP models,
as well as on the extended slab models for the hcp (0001) and

(
1011

)
surfaces that appear

in the hcp mNP morphologies, is depicted in Figure 12 (right) [362]. The 13-atom hcp Co
cluster shows by far the most favoured oxygen adsorption, followed by notable oscillations
in the adsorption strength established for succeeding cluster sizes. A nonscalable regime
extends to the Co clusters with 30 < N < 50 atoms, similar to what was observed for other
metallic systems. For particles with more than 30 atoms, distinctive facet areas can be
assigned to the (0001) and

(
1011

)
hcp Co surfaces, with each showing unique adsorption

behaviour based on their structural arrangements. Nevertheless, adsorption interaction
on both constituent hcp mNP surfaces eventually converges to the respective extended
slab adsorption energies. The difference in adsorption strengths on the large 323-atom hcp
mNPs is insignificant compared to the periodic slab models.

The emergence of the scalable regime occurs at different cluster/NP sizes for distinct
properties. The density of states, and, accordingly, the electronic structure, evolves rapidly
towards bulk-like behaviour, which enables the use of relatively small mNP models for
evaluating the chemical activity of sites characterised by low coordination numbers. The
activity toward the adsorption of atomic or molecular species is often evaluated using
either the d-band centre as the electronic descriptor or the generalised coordination number
as the geometric descriptor, since it was found that the two are linearly correlated [363].

As a general convergence rule, properties are essentially considered converged when
the local atomic environment is maintained with the further addition of atoms. For example,
the adsorption strength is mostly conditioned by the adsorption site, followed to a substan-
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tially decreased extent by the influence of the first atomic neighbours and the second-shell
neighbours, whereas neighbours of the third shell have negligible contributions. This
approach can be extended to other local or regional properties.

To obtain an optimal description of the mNP properties of interest, it is crucial to
choose the particle size that will reliably capture the effects of the studied morphology
without accentuating either cluster-dominated behaviour or the monotonicity of the ex-
tended slab perspective. This is especially important when investigating the magnetic
properties, because they are easily influenced by symmetry factors, directional interactions,
and local atomic environment.

Figure 13 represents the core-to-shell progression of magnetic moments in differently
sized icosahedral and hcp mNPs. The 13-atom cluster size from the nonscalable regime
clearly stands out for both core and shell segments. For larger mNPs, core and inner-most
layers show 15–25% lower magnetic moments compared to the surface itself or to the layers
in close proximity to the surface. The increase in the magnetisation of surface atoms is
hence 3 to 5 times more pronounced than in the case of extended slab models. Additionally,
some distinctions in the overall core-to-shell trends have also been captured compared to
the layer-to-layer progression of extended slab models.

Figure 13. Magnetic moment per Co atom, μ, as a function of the Co NP layers for increasing
nanoparticle size—left: icosahedral NPs, right: hcp NPs. Layers are numbered going from the core
to the shell of the NP.

These differences become more pronounced when the effects of oxidation on the
magnetic moments are examined for 147-atom icosahedron and 153-atom hcp Co mNP
models (Figure 14). Compact organisation of Co atoms within the mNP morphologies
allows for less flexible rearrangement to accommodate atomic adsorbates such as oxygen
into the structure, in contrast to the frequently observed adsorption-induced reconstruction
of the top-most layers of a surface slab [364–370]. For this reason, enhancement of the
magnetic moments of the layer placed immediately below the vacuum-exposed outer shell
obtained upon oxidation is significantly modified in the absence of surface rearrangement.
The increase in the average magnetic moments for Co atoms within this layer is about 8%
for both icosahedron and hcp Co mNPs, whereas corresponding slab enhancements for the
(111) and

(
1011

)
surfaces are 30–40%. The increase in the surface shell magnetic moments

is 11–20%. Additionally, elongation of the inner Co–Co distances upon the interaction of
surface Co atoms with oxygen adsorbates lessened the volumetric strain and consequently
the quenching of the magnetic moment of the central atom. This adsorbate-induced effect
could not be captured within extended slab models.

The morphological dependence of the magnetic properties of Co mNPs is captured
in Figure 15. Respectable shape deviation of magnetic moment per Co atom is observed
only for the smallest mNPs, where each morphology has a unique share of vertex and
edge sites. These differences wear off with the increase in the mNP size, when average
magnetic moments start rapidly converging towards the bulk Co value. The MAE of mNPs,
on the other hand, depends strongly on the shape anisotropy arising from the varying
morphologies for all mNP sizes. This is a specific aspect of magnetic nanoparticles, and it
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is impossible to capture it within the extended slab models. The computational expense of
noncollinear DFT calculations limited the determination of MAE to particles with 1–2 nm
diameters (50–200 atoms), and the results obtained are shown in Figure 15 (right), together
with the experimental data measured for embedded Co mNPs [371].

Figure 14. Structures of oxidised 147-atom icosahedron and 153-atom hcp Co mNPs (left) and
corresponding layer-averaged magnetic moments per Co atom with core-to-surface progression,
1 being the core atom and 4 being the outer shell layer (right). Average magnetic moments of (111),
(0001), and

(
1011

)
facets are also given.

DFT results indicate that the Co mNPs with hexagonal symmetry have the highest
MAE values of 1412.5 kJ/m3 for 0.8 nm and 397.9 kJ/m3 for 1.3 nm diameter mNPs.
Calculated MAE for the 1.5 nm decahedron is 398.2 kJ/m3, whereas the other noncrystalline
icosahedron shape is characterised by very low anisotropies, 30.2 and 65.6 kJ/m3 for 1.0
and 1.5 nm mNPs, respectively. MAEs of 0.7, 1.0, and 1.4 nm fcc truncated octahedra from
DFT calculations are 439.9, 218.0, and 194.5 kJ/m3 and correspond well to the experimental
anisotropy trend. Experimental data have been complemented by the Néel pair modelling
to correlate the observed MAE features to the increased importance of the exposed facets,
namely those of the (100) and (111) fcc Co surfaces, which is also shown in Figure 15 (right).
The addition of a single facet does not contribute significantly to the modifications in the
shape, but it is sufficient to break the symmetry and induce a change in the anisotropy
of the entire particle. Such increase in the surface area successfully reproduced both
experimentally observed effects, the increased MAE values with respect to the bulk for the
smallest sizes and the varying trend in MAE with decreasing size. However, even though
the addition of a single facet decreases the general enhancement in magnetic anisotropy for
larger particles, it is nevertheless possible to obtain very large MAE values because of the
shape-induced anisotropy. This means that notably polycrystallinity, which is expected in
large particles due to the fabrication mechanism, plays an important role in reducing the
contributions of crystal symmetry-breaking to the global anisotropy. Defects have, on the
other hand, been proposed as responsible for uniaxial anisotropy in larger cobalt or iron
mNPs (8–20 nm) [372,373].

Other experimentally measured MAE energies are reported in the range of 6.0–30.0 kJ/m3,
consistently above the Co bulk values (2.7 kJ/m3 fcc and 4.4 kJ/m3 hcp) [374–376]. Geo-
metrical shapes of the particles are not always provided in these studies, but it is suspected
that they are mostly crystalline fcc or icosahedral Co mNPs. Moreover, several studies of
various mNPs and for different sizes have observed the coexistence of crystallographic
structures both in the gas phase and deposited [377–380], especially without further an-
nealing. Comparable strong variations with values of the same order (between 10 and
400 kJ/m3) have been derived for icosahedral Co mNPs in the 3.1–4.3 nm size range [381].
As hexagonal structures in Co mNPs are expected to compete in stability only at larger
sizes above 20 nm [239,382], crystalline structures of fcc features are naturally dominant in
any size range up to this critical size, and the general trend obtained in the experiments
cannot be specifically assigned to the exact crystalline structure. For a specific case of
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3.0 nm truncated octahedral particles, experimentally derived anisotropy constants are in
the range of 10–200 kJ/m3 [383].

A combination of DFT simulations and NP models is hence a very powerful tool in
predicting the magnetic behaviour of mNPs, and it corresponds very well to the complexity
of the size- and morphology-dependence problem. With improvements in computational
power and performance, it has become possible to utilise the advantages of the NP models
over couple-atom clusters and extended slabs and to capture reliable values of magnetic
moments, anisotropy energies, and adsorbate-induced alternations in the magnetic be-
haviour of mNPs [384]. These advances are expected to facilitate the research on mNPs with
favourable properties for MRI contrast and magnetic nanoparticle hyperthermia agents.

Figure 15. DFT-predicted progression of average magnetic moment per atom, μ, (left) and compari-
son between DFT-calculated, experimentally measured, and Néel pair surface correlated magnetic
anisotropy energies, MAE, (right) with the increase in the size for Co mNPs of varying morphologies.
DFT results are taken from Farkaš (2021) [384], and experimental and Néel pair modelling results are
taken from Oyarzún (2005) [371].

3.2. Protected mNPs: Ligand Effects on Magnetic Properties

Two main features dominate the magnetic properties of mNPs: (1) their physical
appearance, i.e., size and morphology, and (2) surface effects, i.e., symmetry breaking of
the crystal structure at the mNP surface, canted spins of surface atoms, surface oxidation,
or chemical effects induced by the bonding of surfactant molecules.

Since gas-phase mNPs have limited stability and can only exist on the order of a
few milliseconds, their use in new technologies is based on more practical systems whose
longevity is provided through the stabilisation by surface functionalisation [385–387]. Func-
tionalisation molecules also passivate the mNP by forming bonds with the reactive surface
metal atoms directly exposed to the environment. Unfortunately, the attachment of surfac-
tants is notoriously correlated with the quenching of mNP magnetic moments [388–391].
In general, the extent of ligand-induced changes in magnetic behaviour depends on the
metal–ligand pair in question. The origin of magnetic moment quenching of respective
metal atoms in metal–ligand complexes has been linked to two electronic parameters:
changes in the d-electron count of the metal and changes in the energy level splitting of the
metal d orbitals through a ligand field effect [392–394]. These ligand-induced changes are
indications of the possibly strong ligand effects on magnetic properties of mNPs where
ligand-induced changes could scale as a function of the mNP size.

Ligand effects have been recognised as important factors in the implementation of
mNPs in biomedicine, since functionalisation often comes at a cost of not only reduced
magnetisation, but also changed surface anisotropy. It has been recently demonstrated that
the deposition of a self-assembled monolayer of alkanethiolates on an ultrathin Co film
grown on Au(111) induces a spin reorientation transition from in-plane to out-of-plane
magnetisation, changing the anisotropy values [333]. Computer simulations of these issues
have often relied on the representation of mNPs as extended slab models because of the
cost of noncollinear calculations. However, this approach causes even more uncertainties
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when estimating ligand-induced changes in magnetisation than in the simple assessment
of the adsorption reactivity, because the neighbouring shells of atoms play a minimal role
in the adsorption strength, while their contribution to the global magnetic behaviour is
much more prominent.

To make a connection between the impact of ligands on the emergent properties of
coordination complexes and in larger ligand-functionalised metallic structures, systematic
studies of a combination of varying Co mNP size and a series of ligand shell compositions
have been conducted.

Figure 16 shows the linear-like relationship between the total magnetic moment
and the Bader charge on the Co core for different ligand shells and two core sizes, a
13-atom Co cluster and a 55-atom Co mNP. In general, there is a net quenching of the total
magnetic moment relative to the bare cluster for each system, due to spins being paired in
surface–ligand bonds. However, as the charge on the core becomes more positive, the total
magnetisation increases. The intensity of the quenching is preserved with the increase in
the particle size [395].

Figure 16. Total magnetic moment as a function of Bader charge for varying ligand shell composition
on 13-atom (left) and 55-atom (right) icosahedral Co mNPs. Dotted lines indicate values of the bare
mNPs. Data are taken from Hartmann (2016) [395].

The average local magnetic moments of each Co atom were found to span a wide
range of values as a function of the ligand shell composition [396]. The 13-atom cluster-PH3
ligand system quenches magnetic moments of all Co atoms from the bulk value of 1.72
to 1.61 μB, whereas a fluorine ligand shell results in an increased atomic Co magnetic
moment of 2.39 μB. The 55-atom mNP–PH3 analogue experiences similar local magnetic
moment quenching, even at the mNP centre. The 55-atom mNP–chlorine system also
follows the trends of the chlorine-functionalised 13-atom cluster, with the chlorine ligands
localising charge and increasing the magnetic moments of surface Co atoms. Analysis of
bond lengths and surface–ligand bond angles showed that these alternations in atomic
magnetic moments are not driven by geometry modifications due to functionalisation,
but depend only on the type of ligand. This provides continuity in the locally induced
magnetisation changes over differently sized metallic cores.

The transferability between the core size and magnetic moments of protected Co mNPs
was confirmed through investigations of biomedically relevant ligands, namely carboxylic
acids. Considering the scaling of ligand-induced changes in the magnetisation as a function
of the Co NP size, half and full monolayer coverages of acetic acid have been modelled by
DFT with the aim of identifying general trends. Progression of ligand-induced changes in
the magnetic moments within the centre, inner, and surface segments of icosahedral Co
mNPs with varying sizes (N = 13, 55, 147) upon carboxylic acid functionalisation is shown
in Figure 17. Changes in the magnetisation of 55- and 147-atom Co mNPs with the increase
in the density of the ligand shell correspond very well for each segment of the two mNP
sizes, indicating that the smaller NP model is sufficient to capture the magnetic behaviour
of protected Co mNPs.
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Figure 17. Ligand-induced changes in the magnetic moments of centre, inner, and surface segments
of the 13-, 55-, and 147-atom icosahedron Co mNPs functionalised by a half and full acetic acid
coating. Δμ is the difference between the average magnetic moment of each segment in unprotected
and protected mNPs.

To gain more detailed insight into the coverage-dependent changes in the magnetic
properties, average magnetic moments per Co atom are given as a function of the percent
ligand coverage for Cl-, PH3-, and COOH-protected Co mNPs in Figure 18. In the case
of each ligand type, there is a strong correlation between ligand coverage and resulting
magnetic moment per Co atom, yielding a linear trend as was the case for the total magnetic
moments as a function of the core charge. However, different ligand binding types can lead
to both an increase and a decrease in the average magnetic moment of varying intensities
compared to the moments of the unprotected mNPs. Higher Cl coverage has an enhancing
effect on the atomic magnetic moments, where the line of best fit indicates a 0.0043 μB
increase per percent coverage. However, an increasing magnetic moment arising from the
passivating shell composed of acetic acid molecules shows a significantly slower growth
of 0.0009 μB per percent coverage. In contrast, a PH3 shell leads to the quenching of the
average atomic magnetic moment by 0.0065 μB per percent coverage. Taken together,
the deviations in average atomic magnetic moment as a function of ligand identity and
coverage are evidence that the composition and density of the passivating shell have a
stronger impact on magnetisation than the size of the Co core.

Figure 18. Average magnetic moment per Co atom, μ, as a function of ligand coverage for icosahedron
Co mNPs passivated with Cl and PH3 (left) and COOH (right). Average magnetic moment per Co
atom for unpassivated 55-atom Co icosahedron is added as the dotted line. Data on the left are taken
from Hartmann (2018) [396], and data on the right are taken from Farkaš (2021) [384].

To capture ligand effects on the mNP anisotropy, ligand-protected icosahedron Co
mNPs with varying coverages of biomedically relevant ligands (carboxylic acid, thiol,
amine) were modelled. The calculated anisotropy energies are shown as a function of
coverage in Figure 19. Starting from a very low value of 30.2 kJ/m3 for the unprotected
55-atom Co icosahedron, all three ligand families enhance the MAE with an increase in
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the coverage density. The rates of this increase are, however, ligand-dependent. Amine
passivation resulted in the lowest enhancement of MAE, calculated for a 100% coverage
at 531.4 kJ/m3. A change in the direction of the easy axis of magnetisation was also
captured for amine-protected mNPs with coverage densities between 60 and 70%. There
is a steady increase in the MAE of acid- and thiol-passivated Co mNPs as the protective
coatings become denser, with acidic ligands showing a slightly higher enhancement rate
per percent coverage. However, for the maximum coverages of 90 and 100%, MAEs of
both acid- and thiol-protected Co mNPs reach similar energies with values between 987.0
and 1087.0 kJ/m3.

Figure 19. Structures (left) and magnetic anisotropy energy, MAE, as a function of ligand coverage
(right) of COOH-, NH2-, and SH-passivated 55-atom icosahedron Co mNPs. MAE of unpassivated
55-atom Co icosahedron is added as the dotted line. Data are taken from Farkaš (2021) [384].

Overall, ligand binding induces local changes on the atoms of Co cluster and mNP
systems, analogous to the effects in the ligand field theory. However, because the local
coordination site is a component of a larger nanocluster, the impact of each ligand is
observed beyond the metal centre to which it is directly bound. Furthermore, the chemical
identity of the ligand within each binding motif provides a fine-tuning mechanism on the
exhibited magnetic behaviour through the connection between the electronegativity of the
functional group and the amount of electron density withdrawn from the core. Finally, as
the size of the mNP increases, ligand-dependent magnetic properties persist, although they
are slightly dampened.

3.3. Alloyed mNPs: Effects of Interfaces on Magnetic Properties

The applicability of single-component mNPs is restricted by limited property-tuning
possibilities. To overcome this limitation, mNPs can be modified through the construction
of bimetallic architectures consisting of two distinct metals, one or both of which should
be magnetic [397–402]. Bimetallic (and multimetallic) mNPs, often referred to as magnetic
nanoalloys, present properties with a very high degree of tunability owing to the variety of
morphologies they can adopt. Their morphology is specified not only by the geometric
structure, as in the case of the monometallic systems, but also by the chemical ordering of
its components, which corresponds to the arrangement of the two metallic phases within
the specified geometry.

The expectations of improved magnetic properties of monometallic mNPs by incor-
porating additional metallic phases originated from the very large magneto-crystalline
anisotropy of the respective bulk and thin-film alloyed materials [403–408]. DFT calcu-
lations were shown to be capable of quantitatively describing the MAE and the orbital
magnetisation in these alloys [409–412]. For example, in the case of the L10 CoPt crys-
tal, DFT predicted an MAE of 4290 kJ/m3 [227], very close to the experimental value of
4000 kJ/m3 measured by Eurin [413] and much higher than that of the fcc or even hcp Co
bulk (23.6 and 700–800 kJ/m3).
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Nevertheless, it was observed that the magnetic properties of alloyed mNPs could be-
come worse than those of bulk metals, in contrast to the monometallic mNPs. The magnetic
anisotropy energy of L10 CoPt NPs was found to be 385 kJ/m3 [414] or 1700 kJ/m3 [415],
both values much smaller than that measured for the bulk L10 CoPt crystal. Moreover,
a clear reduction in the saturation magnetisation of CoPt mNPs was captured with a de-
crease in the particle size [416]. Bimetallic mNPs are still promising for many applications
because, despite the deterioration in the magnetic behaviour with respect to bulk alloys,
which was suggested to be caused by surface effects (surface adsorption and surface spin
canting [417]), their anisotropies and magnetic moments substantially exceed those of the
monometallic counterparts. For example, distinct L10 orderings in CoPt mNP systems
have already shown how improved MAE can translate into superior catalytic performance
in fuel cells [418].

The central difficulty in predicting magnetic properties of bimetallic mNPs lies in
the complexity of the possible combinations in composition, geometry, and chemical
ordering. Compared to the intermixed L10 state of CoPt NPs, surface-segregated cuboidal
counterparts have shown magnetic moments reduced by 0.52 μB and a 19% decrease in
MAE. More pronounced, when the cuboctahedral morphology was considered, reductions
in the total magnetic moment and CoPt mNP anisotropy were of the order of 4.96 μB and
45%, respectively [227].

Finding the optimal bimetallic mNP morphology for a specific composition of two
metallic phases by employing MD simulations has shown good agreement with proposed
structures of experimentally synthesised systems [419–425]. Owing to the difficulties
in assigning magnetic properties to a specific mNP morphology through experimental
techniques, DFT simulations are also valuable in predicting the magnetic behaviour of
bimetallic mNPs of varying geometries and chemical orderings.

As to their thermodynamic stability, the cuboctahedral shape with L10 crystal or-
der was obtained as the most stable geometric structure for large CoPt NPs, based on
the DFT-calculated surface energies and Wulff construction theorem [426]. Specifically
for CoPt mNPs with diameters below 2.5 nm, DFT calculations have directly predicted
the multiply twinned icosahedral and decahedral mNPs to be more stable than the L10
cuboctahedron [238].

For biomedical applications, the alloying of cobalt with more inert metals such as
silver or gold has proved to be a valuable strategy to obtain biocompatibility and reduce
oxidation. In accordance with the large differences in atomic radii in favour of inert metals,
and weak Ag–Co/Au–Co miscibility predicted below 400 ◦C across all compositional
space [427], theoretical studies have reported structures that favour Ag/Au surface seg-
regation and the formation of core–shell orderings [402,428,429]. Experimental synthesis
has confirmed theoretical predictions, and core–shell AuCo mNPs were found to have
mostly icosahedral structure, although a novel morphology has been recently described
consisting of a Co icosahedron surrounded by fcc Au facets [430–432]. In addition, reports
have indicated that optical and magnetic properties may both be tuned by tailoring the
size of the core and shell of Ag/AuCo mNPs. However, the fact that the surface of the
nanoalloy is expected to contain mostly Au (or other noble and inert metals such as Ag or
Pt) atoms does not invariably determine the chemical ordering of such systems. The size,
structure, and chemical arrangement of bimetallic mNPs can be controlled experimentally
throughout the synthesis protocol, allowing metal species to intermix and maximise the
synergistic benefits available through their unique combination. For example, physical
methods have been reported for the synthesis of AgNi disordered mNPs, which exhibited
substantial enhancement in their optical limiting efficiency [433]. Core–shell AuNi NPs
with inverted segregation (Au cores covered by Ni) have shown huge magnetisation, which
was maintained even after the formation of NiO on the surface [434]. The hybrid AuCo
systems are consequently also expected to offer unique properties in different chemical
orderings because of the possible magnetoresistance effect and optical–magnetic bifunction-
alities [435]. Although the limited literature on AuCo systems is almost exclusively focused
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on the core–shell structures, Marbella et al. have demonstrated the synthesis of discrete,
composition-tuneable alloyed AuCo NPs with random ordering of Au and Co atoms,
whose magnetic susceptibility can be tailored while maintaining almost identical particle
size and surface chemistry [54]. Finally, a theoretical study has shown that magnetic effects
can destabilise core–shell arrangement of AgCo and AuCo systems whose icosahedral
structures remain preferential, but peculiar quantum effects reverse the energetics in favour
of intermediate compositions, presenting a much more thorough intermixing with cobalt
atoms [33].

The magnetic anisotropy of AuCo mNPs was calculated to be an order of magnitude
higher for L10 ordering compared to the core–shell NPs of 1.5–2.0 nm in diameter. Predicted
MAE values for cuboctahedron, icosahedron, and decahedron with the L10 ordering were
928.3, 1038.3, and 1011.7 kJ/m3, respectively. A corresponding core–shell icosahedron
showed MAE of 239.9 kJ/m3, while the MAE of a decahedron with core–shell structure was
found to be 278.2 kJ/m3. Hence, L10 bimetallic AuCo mNPs show a 15-fold improvement
from the anisotropy of a 1.5 nm monometallic Co icosahedron, which will hopefully trigger
improved efforts in the synthesis of these systems and their use in biomedical applications.

4. Conclusions

With the advances in computational power and continuous improvements of DFT
methods, the implementation of explicit NP models in simulations of nanoparticle systems
should be encouraged, since they are a more realistic representation and able to capture the
property dependence on size and morphology. Whilst cluster and extended slab models
can often offer valuable insight into the nature of metal–adsorbate interaction, they fail to
capture the progression and directional effects of magnetic properties.

DFT simulations of NP models have shown excellent correspondence with experi-
mental measurements of magnetic moments and magnetic anisotropy energies of cobalt
mNPs. They are able to properly describe morphology-induced alternations in the mag-
netic features, calculate ligand effects on both the binding metal centre and the particle as a
whole, and predict the outcomes of alloy interfaces of different chemical orderings. It is
thus expected that ab initio methods can also provide accurate structures and properties of
magnetic mono- and bimetallic NPs that do not necessarily have cobalt in their composition.

Incorporation of NP models in research efforts to optimise the magnetic behaviour
of metallic magnetic nanosystems for biomedical applications could hence facilitate the
smarter design of application-specific properties.
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dependent interface contribution to magneto-optical response from ultrathin Co films grown on the (001), (110), and (111) surfaces
of Pd. Phys. Rev. B Condens. Matter Mater. Phys. 2006, 73, 085413. [CrossRef]

328. Szunyogh, L.; Újfalussy, B.; Blaas, C.; Pustogowa, U.; Sommers, C.; Weinberger, P. Oscillatory behavior of the magnetic anisotropy
energy in multilayer systems. Phys. Rev. B Condens. Matter Mater. Phys. 1997, 56, 14036–14044. [CrossRef]

329. Nicolas, G.; Dorantes-Dávila, J.; Pastor, G.M. Orbital polarization effects on the magnetic anisotropy and orbital magnetism of
clusters, films, and surfaces: A comparative study within tight-binding theory. Phys. Rev. B Condens. Matter Mater. Phys. 2006,
74, 014415. [CrossRef]

330. El Gabaly, F.; McCarty, K.F.; Schmid, A.K.; De La Figuera, J.; Muñoz, M.C.; Szunyogh, L.; Weinberger, P.; Gallego, S. Noble metal
capping effects on the spin-reorientation transitions of Co/Ru(0001). New J. Phys. 2008, 10, 073024. [CrossRef]

331. Buruzs, Á.; Weinberger, P.; Szunyogh, L.; Udvardi, L.; Chleboun, P.I.; Fischer, A.M.; Staunton, J.B. Ab initio theory of temperature
dependence of magnetic anisotropy in layered systems: Applications to thin Co films on Cu(100). Phys. Rev. B Condens. Matter
Mater. Phys. 2007, 76, 064417. [CrossRef]

332. Bruno, P. Magnetic surface anisotropy of cobalt and surface roughness effects within Neel’s model. J. Phys. F Met. Phys. 1988, 18,
1291–1298. [CrossRef]

333. Campiglio, P.; Breitwieser, R.; Repain, V.; Guitteny, S.; Chacon, C.; Bellec, A.; Lagoute, J.; Girard, Y.; Rousset, S.; Sassella, A.; et al.
Change of cobalt magnetic anisotropy and spin polarization with alkanethiolates self-assembled monolayers. New J. Phys. 2015,
17, 063022. [CrossRef]

90



Materials 2021, 14, 3611
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Abstract: By permeabilizing the cell membrane with ultrasound and facilitating the uptake of iron
oxide nanoparticles, the magneto-sonoporation (MSP) technique can be used to instantaneously
label transplantable cells (like stem cells) to be visualized via magnetic resonance imaging in vivo.
However, the effects of MSP on cells are still largely unexplored. Here, we applied MSP to the widely
applicable adipose-derived stem cells (ASCs) for the first time and investigated its effects on the
biology of those cells. Upon optimization, MSP allowed us to achieve a consistent nanoparticle
uptake (in the range of 10 pg/cell) and a complete membrane resealing in few minutes. Surprisingly,
this treatment altered the metabolic activity of cells and induced their differentiation towards an os-
teoblastic profile, as demonstrated by an increased expression of osteogenic genes and morphological
changes. Histological evidence of osteogenic tissue development was collected also in 3D hydrogel
constructs. These results point to a novel role of MSP in remote biophysical stimulation of cells with
focus application in bone tissue repair.

Keywords: magneto-sonoporation; magnetic nanoparticles; stem cells; superparamagnetic iron oxide
particles; cell labelling; ultrasounds; osteogenesis; bone tissue engineering

1. Introduction

Due to their responsiveness to externally applied magnetic fields, magnetic nanopar-
ticles (MNPs) are extremely attractive materials used in a number of biomedical appli-
cations [1]. Iron oxide-based nanoparticles (IONPs) are composed of cores of magnetite
(Fe3O4) and its oxidized form maghemite (γ–Fe2O3), further surrounded by external coat-
ings that increase the stability and biocompatibility of the suspension. The IONPs have
been extensively exploited as contrast agents for magnetic resonance imaging (MRI), but
thanks to their highly versatile superparamagnetic nature, they have become relevant also
in biosensing, gene and drug delivery, engineering of biological tissues, and theranos-
tics, a discipline that combines treatment and diagnosis of various pathologies [2]. The
labeling of cells via IONPs enables not only their visualization and real-time monitoring,
but also their magnetization. Magnetization of cells allows for the remote control of their
functions and spatial localization. As such, this technique has become of great interest for
the delivery of therapeutic cells (cell therapy) and manufacturing of transplantable tissue
(tissue engineering) [3]. Indeed, magnetizing the cells with multidirectional differentiation
potential and self-renewal capabilities, such as stem cells, holds potential in mediating
the structural repair and functional recovery of biological tissues. In fact, the IONPs can
be used to stimulate the signaling pathways and regulate the cell functions involved in
regeneration (magnetic actuation), as well as to spatially guide the cells through magnetic
forces (magnetic targeting and printing) [4–7].

However, regenerative and stem cells are non-phagocytic cells. As such, conventional
labeling procedures require long times of incubation and lead to moderate uptake efficiency.
Cytotoxicity often occurs at high dosages and long exposure times [8–12]. To enhance the
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IONP internalization and improve stem cell magnetization, methodological optimization
has been widely tested. For instance, since subjecting the cells to physical forces can assist
the delivery of bioactive molecules, various techniques based on biophysical cell stimu-
lation have been proposed, including: microinjection, electroporation, laser irradiation,
magnetofection, and electric field-induced molecular vibration [13–16]. However, issues of
cytotoxicity are still present.

Mechanical waves, such as ultrasound (US), transiently enhance the permeability of
biological membranes (like endothelial layers and cell membranes) and thus facilitate the
passage of drugs based on small molecules, plasmidic DNA, and also nanomaterials across
layers and barriers. The use of US waves to temporarily permeabilize the cell membrane
and elicit the intracellular uptake of exogenous compounds is known as sonoporation,
and can be achieved by applying sonication at low frequency (kilohertz), lithotripter
shockwaves, high-frequency ultrasound (HIFU), or even diagnostic ultrasound (megahertz
frequencies) [17–19]. Sonication allows for safe, effective drug and gene delivery, which
can be further enhanced by ultrasonically activated microbubbles (MBs) that pulsate in the
close proximity of the cells and augment their membrane permeability [18–21]. Simple and
inexpensive, sonoporation also offers the following advantages: minimal requirement in
terms of instrumentation; temporal and spatial specificity based on the site of insonation;
low risk of immuno-pathogenesis; existing extensive characterization of the approach
in vitro and in mammalians; need for moderate energy transfer and easy implementation
into clinical approaches; as well as rapid kinetics comparable to those of electroporation
(i.e., instant labeling) [18,19]. Moreover, whereas current physical methods allow for
instant labeling of limited number of cells, large quantities of cells can be labeled by
sonoporation [22,23].

Due to these advantages, sonoporation has emerged among physical cell labeling
methods, and it has been extensively used to deliver pharmaceuticals and genetic mate-
rial [17,19]. During the transient perforation of the membrane, bioactive compounds enter
the cells with tunable kinetics which are strongly determined by both acoustic driving
parameters and MB-to-cell relative parameters [24–26]. Interestingly, in order to enhance
the internalization of biochemicals, sonoporation has been applied also in combination
with nanomaterials [27]. Liposomes, polymeric nanoparticles, micelles and nanoemulsions
enhanced the gene transfection and drug loading efficiency by acting as nanocarriers,
stimuli-responsive delivery systems, or co-adjuvant agents [27–29]. Some of these works
demonstrated that nanosized materials could cross the cell membrane during its perme-
abilization. However, the use of sonoporation to increase the internalization of IONPs
(magneto-sonoporation, MSP) has been tested through only few studies [22,23,30–32],
which were carried out on progenitor cells with circumscribed regenerative potential and
applicability, like neural stem cells and osteosarcoma cell lines [22,23,32].

The adipose-derived stem cells (ASCs) display low immunogenicity and can differen-
tiate into multiple cell types [33]. Furthermore, they can be easily harvested with limited
morbidity and then rapidly expanded. As such, they have already been involved in a
vast plethora of therapeutic applications at both the pre-clinical and clinical levels. Impor-
tantly, ASCs stimulate tissue repair by releasing growth factors [34,35] and undergoing
differentiation into muscle, endothelial, bone, cartilage, adipose and nerve tissue [36–39].
Due to their versatility and potency, these cells hold promise for developing effective
cellular therapies in various types of damaged tissues [40–42]. Intriguingly, they respond
to physical stimuli by activating specific signaling pathways (such as those involved in the
differentiation) [43,44], which allows for remote control of their functions [45].

Thereby, the quick and efficient magnetization of ASCs would substantially improve
their traceability by MRI and their use in regenerative medicine. In order to enhance the
internalization of IONPs and achieve rapid cell magnetization, we thus treated human
ASCs with MSP and then characterized the effects of this procedure on the IONP uptake,
viability, metabolic activity and differentiation of those cells.
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2. Materials and Methods

2.1. Adipose-Derived Stem Cells (ASC) Culture

The ASCs were isolated from the stromal vascular fraction (SVF) cells extracted
from the adipose tissue, as previously reported [46,47]. Liposuctions were obtained
from six healthy donors after informed consent and according to a protocol approved
by the Ethical Committee of the Canton of Basel (Ethikkommission beider Basel [EKKB],
Ref. 78/07). The human adipose tissue biopsies were enzymatically digested (37 ◦C,
45 min) with 0.075% collagenase type II (Worthington Biochemical Corp., Lakewood, NJ,
USA) and centrifuged (1700 rpm, 10 min). Finally, a complete medium (CM) consist-
ing of alpha-modified Eagle’s medium (α-MEM) supplemented with 10% fetal bovine
serum (FBS) (Sigma-Aldrich, Schaffausen, Switzerland), 1% HEPES (Sigma-Aldrich, Schaf-
fausen, Switzerland), 1% sodium pyruvate(Sigma-Aldrich, Schaffausen, Switzerland), and
1% penicillin (10,000 U/mL) (Sigma-Aldrich, Schaffausen, Switzerland), streptomycin
(10,000 μg/mL) (Sigma-Aldrich, Schaffausen, Switzerland) and L-glutamine (29.2 mg/mL)
solution (PSG solution, Thermo Fischer Scientific, Waltham, MA, USA) was used to sus-
pend the cells before they were filtered through a 100 μm strainer (BD Biosciences, Eysins,
Vaud, Switzerland) and counted. SVF cells were plated and then, the ASCs were isolated by
adherence to plastic during the culture into CM. Cells were incubated in 5% CO2 at 37 ◦C
and maintained at sub-confluent levels onto poly-D-lysine (Sigma-Aldrich, Schaffausen,
Switzerland)-coated 75 cm2 flasks, with medium changes every 72 h. When flasks were
confluent, cells were detached with trypsin-EDTA (Thermo Fischer Scientific, Waltham,
MA, USA), split and re-plated.

2.2. Magneto-Sonoporation

To perform sonoporation, cells were suspended in phosphate-buffered saline (PBS) at
a density of approximately 1.5 × 106 cells/mL and mixed with PEG-functionalized iron
oxide (II,III) nanoparticles with an average particle size of 15 nm (1 mg/mL in aqueous
suspension) purchased from Sigma Aldrich, Schaffausen, Switzerland. MBs of 2.3–2.9 μm of
diameter (membrane composition: polyethylene-glycol, phospholipids, and fatty acids; gas
mixture: perfluorobutane and nitrogen) used as untargeted US contrast agents (SonoVue)
were purchased from BRACCO Research SA (Geneva, Switzerland). After adding the
MBs, the plastic tubes containing the mixture were then readily transferred to a custom
cup-like container for sonication, which was installed on the top of an ultrasonic transducer
connected to an ultrasonic liquid processor sonicator (S4000, Misonix Inc., Farmingdale,
NY, USA). To optimize the procedure, the crucial parameters were considered: ultrasonic
intensity, duty cycle, and exposure time, which could be adjusted through the digital panel
of the ultrasound generator. Water served as transmission medium between the acoustic
probe and the specimens, with acoustic powers being tuned as 0.5–2.0 W/cm2. First,
viability of ASCs alone was evaluated by Trypan Blue exclusion test, upon variable power
intensities (0.5, 1.0, 2.0 W/cm2), exposure times (5, 10, 30, 60, 120, 300 s), and duty cycles
(20%, 50%). Those parameters that elicited high cell viability (>90%) were selected as the
sub-optimal parameters for optimizing the procedure in the presence of IONPs (50 μg/mL).
The second round of optimization was conducted by comparing the cell viability among
various groups by Student’s t-test in order to select the setting providing the highest
viability and intracellular uptake of iron. The following parameters were selected: 20%
duty cycle, 1 W/cm2 and 30 s.

2.3. Iron Content

The amount of iron in the supernatants of gel cultures was determined by assessing
the spectrophotometric properties of SPIO using a 96-well multiplate reader and a standard
protocol to obtain spectra from 200–750 nm. The iron was quantified by absorbance at
370 nm, i.e., the one of oxybridged iron (i.e., Fe–O–Fe), found in the SPIO crystal core [48,49].
The spectral analysis of 1× PBS was used as a blank for signal normalization. In this study,
the limit of quantification for Fe was 0.20 μg/mL.
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2.4. Stability of Nanoparticles

In order to assess the overall stability of MNPs in biological media and the effects
possibly caused by the US exposure, MNPs were incubated in cell culture medium (dilution
ratio, 1:50) and maintained in cell culture conditions (37 ◦C, 5% CO2, pH 7.4) for two days.
Dynamic light scattering (DLS, Zetasizer Nano 90 ZS, Malvern, UK) allowed for the
determination of the mean hydrodynamic diameter of particles and their polydispersity
index (PDI). During the monitoring time, the level of NP aggregation was evaluated in
terms of size and PDI changes. In order to calculate the particle size, a scattering angle of
90 degrees was used. All measurements were performed in triplicate at 25 ◦C.

2.5. Prussian Blue Staining of Cells

Following IONP incubation or MSP treatment, the cells were washed twice with PBS
and fixed with 4% paraformaldehyde solution (30 min at room temperature). After washing
again twice with PBS, cells were exposed to the Prussian blue staining solution, consisting
of a 1:1 mixture of 4% hydrochloric acid (Sigma-Aldrich, Schaffausen, Switzerland) and
4% potassium ferrocyanide (Sigma-Aldrich, Schaffausen, Switzerland) for 15 min at room
temperature. Cells were washed with distilled water three times, before the counterstaining
for cytoplasm with eosin (Panreac Química S.L.U, Barcelona, Spain) for 5 min at room
temperature. After washing, the cells were observed using inverted light microscopy
(Olympus IX83, Life Science Solutions, Hamburg, Germany). All experiments were carried
out in triplicate.

2.6. Cell Viability and Proliferation

In order to determine whether the magneto-sonoporation would adversely affect the
functions of the ASCs, cell viability and proliferation (metabolic assimilation rate) were
evaluated. Cell viability was determined using Trypan Blue exclusion, with subsequent
cell counting using a hemocytometer.

2.7. Morphology Analysis

Light microscopy and fluorescent phalloidin staining of cells were undertaken at
the experimental endpoint. Briefly, 5000 cells per well were plated in order to better
visualize individual cell morphology. At the endpoint, cells were washed with phosphate
buffer saline (PBS) solution and fixed with 4% (w/v) paraformaldehyde for 15 min at room
temperature. Following permeabilization with 0.2% (v/v) Triton X-100 (Sigma-Aldrich,
Schaffausen, Switzerland) for 20 min, cells were stained for 20 min in the dark with Alexa
488-conjugated phalloidin (1:40, Life Technologies, Carlsbad, CA, USA). After PBS washes,
cells were imaged using an Olympus IX51 fluorescent microscope at 40× magnification.
Fifteen images of cells in each experimental condition were taken, and aspect ratio (AR)
for each cell (longest cell length/narrowest cell width) was determined using Image J
(National Institutes of Health, Bethesda, MD, USA).

2.8. Evaluation of the Membrane Resealing Time

The Methylene Blue dye (Sigma-Aldrich, Schaffausen, Switzerland) (2.5 mM, for
5 min) was added to cells at different time points after the US application. Stained cells were
considered as owing a permeable membrane due to sonoporation, and their percentage on
the total population was reported.

2.9. Gene Expression Analysis

Total RNA was extracted with RNeasy® Mini kit protocol (#74104, Qiagen, Hilden,
Germany). All RNAs were treated by Deoxyribonuclease I (DNAse I; Invitrogen, Waltham,
MA, USA) and total RNA was reverse-transcribed into cDNA with the Omniscript Reverse
Transcription kit (#205111, Qiagen, Hilden, Germany) at 37 ◦C for 60 min. Quantitative
real-time PCR assays were performed with ABIPrism 77000 Sequence Detection System
(Perkin Elmer, Schwerzenbach, Switzerland) and utilizing Taqman Universal PCR Master

98



Materials 2021, 14, 4877

Mix (#4304437, Applied Biosystems, Waltham, MA, USA). The cycling parameters were:
50 ◦C for 2 min, followed by 95 ◦C for 10 min and 40 cycles of denaturation at 95 ◦C for 15 s
and annealing/extension at 60 ◦C for 1 min. Reactions were performed in triplicate for each
sample and specific gene expression was evaluated using the 2ΔΔCT method. Gene expres-
sion levels were normalized to the glyceraldehyde 3-phosphate dehydrogenase GAPDH
mRNA. Primers and probes for GAPDH (Hs02758991_g1), Osterix SP7 (Hs00541729_m1),
runt-related transcription factor 2 Runx2/Cbfa1 (Hs00231692_m1), ALPI (Hs00357579_g1),
and mitogen-activated protein kinase 8 MAPK8 (also known as JNK1, Hs01548508_m1)
were all provided by Assays-on-Demand, Gene Expression Products (Applied Biosystems,
Waltham, MA, USA).

2.10. Magnetized Hydrogel Preparation

Fibrin gel for cell embedding was prepared by mixing PBS-diluted fibrinogen and
thrombin at the final concentration of 20 mg/mL and 5 U/mL, respectively. The cells
were suspended in PBS (5 × 106/mL) and quickly added to the mixture. Then, 10 μL of
mixture were laden on to sterilized glass coated with hydro-repellant coating (SigmaCoat,
Sigma-Aldrich, Schaffausen, Switzerland) to form a drop. The gel was then placed into the
incubator (37 ◦C, 5% CO2) to allow the crosslinking to occur (in about 5 min).

2.11. Histological Staining

After in vitro culture, the 3D constructs were fixed overnight in a 4% paraformalde-
hyde solution, before being embedded into paraffin. Histological sections (4.5 μm thick-
ness) were stained with Hematoxylin-Eosin (#GHS116 and #HT110116, respectively from
Sigma-Aldrich, Schaffausen, Switzerland), and Alizarin Red S (#A5533, Sigma-Aldrich,
Schaffausen, Switzerland). The primary antibody for anti-OCN was purchased from
Abcam (ab198228, Cambridge, UK) and used at 1:500 dilution, before the sections were
stained with the secondary antibody (1:300 dilution) coupled to Alexa488 (Life Tech-
nologies, Carlsbad, CA, USA) and 4′,6-diamidino-2-phenylindole (DAPI, Sigma-Aldrich,
Schaffausen, Switzerland).

3. Results

3.1. Magneto-Sonoporation (MSP) Optimization

In order to magnetize the ASCs, we perform MSP in the presence of a commercial
formulation of IONPs, composed of pegylated magnetite nanoparticles with an average
particle size of 15 nm. The sonoporation procedure was optimized across power intensity,
exposure time, and duty cycle (i.e., exposure interval) in order select a combination of
parameters that eventually led to high iron internalization rate with well-preserved cell
viability. The intracellular uptake of IONPs, expected as a result of the membrane perme-
abilization (Figure 1A), was assessed by the spectrophotometric method. The highest iron
uptake (≈14 pg/cell) was achieved in the cell group treated for 30 s with 20% duty cycle
at 1.0 W/cm2 in the presence of MBs (Figure 1B). The iron content of cells incubated for
15 min with IONPs after 30 s sonication (10.35 pg/cell) was similar to that of cells exposed
to US for only 20 s in the presence of MBs (10.4 pg/cell) (Figure 1C). IONPs accumulated
in similar amounts also in the non-sonicated cells, but only after 6 h of incubation, whereas
for short incubation times (30 s to 15 min) the internalization was minimal. The resealing
time of the cell membrane after sonication was assessed by staining with the Methylene
Blue, a dye that does not cross intact cell membranes and is employed as an indicator
of altered membrane permeability (Figure 1D). During the recovery phase following the
stimulation, the blue cells were counted at different time points. Their amount decreased
from 73.1 ± 2.3% to 2.2 ± 0.2% in 15 min, revealing a decay constant of 4.5 min, which sug-
gests a rapid return of the cell membrane to its physiological state. To assess whether the
MNPs maintain the colloidal stability upon sonication, we used dynamic light scattering
(DLS) to monitor the hydrodynamic diameter and polydispersity index (PDI) of particles
diluted in the cell culture media and kept in cell culture conditions for two days (Figure 1E).
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The PDI values below 0.2 and the small variations in the particle diameter suggested a
good stability of the suspension with no evidence of particle aggregation. Moreover, the
MNPs internalized in the cells were detected by Prussian Blue staining (Figure 1F). The
uptake of the nano-formulation mostly occurred via endocytosis, since the addition of the
endocytosis-inhibitor chlorpromazine (CPZ) reduced the MNP internalization during con-
ventional incubation, as shown by the weak staining. However, the endocytosis inhibition
affected the internalization poorly when the cells were subjected to MSP.

3.2. Biological Effects of MSP

In order to understand if the MSP could affect the biology of ASCs, changes in their
morphology were investigated. One day after MSP in the presence or absence of MBs,
elongated cells and some rounded cells were observed by phase contrast microscopy
(Figure 2A). Rounded cells were, however, mostly absent in sonicated cultures or in the
untreated controls. Most of rounded cells were detached and most likely dead. One
week after MSP, the cells displayed evident changes in the overall morphology with
an augmented aspect ratio as compared to the other conditions (Figure 2A,B). Some
cells with stellated morphology were also sporadically noticed (Figure 2A). Magneto-
sonoporated cells also showed reduced proliferation ability as compared to the unsonicated
ones (Figure 2C) and augmented metabolic activity with respect to all other controls
(Figure 2D). Even if to a minor extent, their metabolic rate increased also in response to
the sole presence of MNPs. Finally, the analysis of the gene expression profile revealed
increased expression of osteogenesis marker genes (Osterix, ALP, Runx 2), and activation
of a mechano-transduction signaling pathway (JNK1).

3.3. Ultrasound (US)-Activated 3D Matrices

In order to understand whether certain biological effects mediated by MSP could
be also observed into 3D cell culture environments, a hydrogel-based tissue construct
was generated from the co-assembly of fibrin, MNPs and cells (Figure 3A,B), and then
sonicated under the experimental conditions selected from the previous experiments. The
histological analysis showed that, one week after treatment, the construct was densely
populated by cells (Figure 3C), with some localized areas featuring calcium deposition and
cells slightly positive for osteocalcin (OCN) expression, as shown by Alizarin Red staining
and immuno-fluorescent staining, respectively (Figure 3D,E). Small clusters of aggregated
MNPs were also visible in few sites of gels stained with Alizarin Red (Figure 3F).
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Figure 1. Iron uptake in sonoporated cells. (A) Diagram of the working principle of magneto-sonoporation (MSP) using
ultrasound (US) in combination or not with microbubbles (MBs) to increase cell membrane permeability. (B) To optimize the
sonoporation procedure, the cells underwent sonication with different duty cycles for different time ranges at 1.0 W/cm2.
Other power intensities were also tested (data not shown). (C) The magnetic nanoparticles (MNP) uptake was compared
among cells undergoing simple incubation for different time ranges (30 s, 15 min, 6 h), or upon sonication in the presence
or absence of MBs (MSP and MSP + MB, respectively). ** p < 0:01. (D) In order to estimate the resealing time of the cell
membrane after sonication, the cells were subjected to the Methylene Blue Permeability assay. Cells positive for the dye were
considered to have altered membrane permeability and their fraction over the total population was plotted against time.
(E) The stability of MNPs in culture media following MSP in the presence or absence of MBs was assessed by monitoring
the mean hydrodynamic diameter (size, nm) and polydispersity index (PDI) via dynamic light scattering (DLS) over time,
after dilution into cell culture media and maintenance in cell incubation (37 ◦C, 5% CO2 and pH 7.4). (F) Internalization of
MNPs shown by Prussian Blue staining of ASCs after conventional incubation (6 h), MSP or MSP with MBs (15 min) in the
presence or absence of the endocytosis-inhibitor chlorpromazine (CPZ). Equivalent volumes of phosphate-buffered saline
(PBS) in the culture medium were used as controls (unlabeled).
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Figure 2. Biological effects. (A) Cell morphology was observed in phase contrast microscopy and in fluorescence microscopy
(actin displayed in green, nuclei in blue). (B) Aspect ratio of cells was calculated one week after the various treatments.
(C) Proliferation rate of ASCs measured as viable cell numbers over time. (D) Metabolic activity per cell in the different
conditions, normalized to the DNA content, relative to day 0. (E) Gene expression of ASCs one week after sonoporation,
focused on the expression of genes involved in osteogenesis and mechanical transduction. Asterisks indicate significant dif-
ference (by two-way analysis of variance (ANOVA)): * p < 0:05; ** p < 0:01. MNP = magnetic nanoparticles; US = ultrasounds;
MB = microbubbles. MSP = magneto-sonoporation.
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Figure 3. Sonoporation of magnetized 3D tissue constructs. A fibrin-based magnetized 3D tissue construct in top (in cell
culture well) and lateral views ((A,B), respectively). Histological analysis of magnetized tissue, 7 days after sonoporation:
hematoxilin and eosin (C), Alizarin Red (D) and osteocalcin (OCN) immunofluorescent staining (E). Nuclear staining (DAPI)
and OCN staining are shown in blue and green, respectively. In Alizarin Red, clusters of MNPs were sporadically observed,
as a result of aggregation (black arrows, (F)).

4. Discussion

Biocompatible nanoscale materials have introduced outstanding innovation in
biomedicine, finding use in the controlled delivery of biomolecules, manipulation of cell
phenotype and behavior, and improvement of structural or biological features of substrates
used for cell growth [50–52]. Key biological applications include non-invasive imaging and
drug delivery in living organisms, as well as tissue engineering and wound healing [52–58].
In many instances, the nanomaterial internalization within cells is a mandatory step that
can be achieved via various routes. In regards to IONPs, basic labeling procedures relying
on the simple cell-nanoparticles co-incubation are conventionally applied because of their
technical simplicity [10]. Some transfection agents, especially cationic compounds [8], can
possibly be added, which include lipofectamine [9], poly-L-lysine [10,11] and protamine
sulfate [12] among others. These substances coat the MRI contrast agents converting
them from negatively to positively-charged. This facilitates the binding to the anionic
cell membrane, and the subsequent cell internalization. However, such a process often
takes a long time and requires high nanomaterial dosage that is detrimental when the
exposure to the nano-formulation is associated with time- and dose-dependent decrease
of cell viability [59]. The IONP-related cytotoxicity is often mediated by the production
of reactive oxygen species [59,60]. In biological systems, the Haber–Weiss reaction is the
major responsible mechanism for the generation of highly reactive hydroxyl radicals, and
this process can be iron-catalyzed in response to exposure of ferric cores of IONPs let into
unstable conditions (e.g., long-lasting permanence in biological milieu) [61–63]. In such
conditions, the cells present gross structural alterations (for instance, at the level of the cy-
toskeleton) that eventually lead to functional impairment and also physical disruption [64].
In our study, we noticed a dramatic decrease in viability when the cells were incubated
with IONPs not only together with lipofectamin, but also in presence of the positively-
charged linear polymer polyethyleneimine (PEI) (data not shown) that is conventionally
used for DNA transfection, but that also widely applied as IONP-coating agent [59]. This
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observation is in accordance with previous studies demonstrating that certain transfection
agents hampered cell viability [59].

To overcome these issues, methods for instant labeling in the absence of additional
chemicals have been given a lot of consideration [65]. In “magneto-electroporation” [13–15],
electrical pulses induce electromechanical permeability changes in the cell membrane, elic-
iting the internalization of IONPs [14], or other metal-oxide based particles [15] with
treatment duration in the time range of seconds. MSP also enables a fast cell magnetization
by inducing a transient membrane perforation. In our experiments, we found that sonicat-
ing the cells for 30 s (or 20 s in the presence of MBs) led to IONP uptake yields that could be
achieved only after 6 h of standard incubation. In contrast to magneto-electroporation, MSP
relies on the convection of ultrasound waves originating from short electrical pulses [19,23].
The energy transfer involved is moderate [66], which implies safe technical settings that
can be easily implemented into clinical applications. In the present study, substantial IONP
internalization was achieved within a few seconds of sonication, but the treatment was
not entirely inert to the cell biology. A short time after MSP, cell death was observed but
only to a limited extent. However, even if dramatic cytotoxicity did not occur, sonoporated
cells presented slightly decreased proliferation rates and increased metabolic activity. The
alterations in the morphology and the genetic expression that we noticed in the treated
cells might be the result of cell behavior modulation triggered by mechanical or chemical
(iron-related) cues. This functional deviation is congruent to the potential evolution of the
ASCs towards the osteogenic profile. In fact, we noticed that a morphology shift occurred
in the magneto-sonoporated ASCs. In one week, they lost their conventional fibroblast-like
morphology with flattened cell body and acquired instead more spindle-shaped or even
stellate-shaped phenotypes, which are typical of the osteoblastic lineage. Congruently, the
gene expression was altered by activation of genes involved in the osteogenic differentiation
and mechano-transduction signaling pathways.

MBs are typical mediators of acoustic cavitation, a non-thermal US-induced bioeffect
which is already widely used for intracellular-delivery [18–20,67]. We performed some of
the experiments in the presence of MBs to understand whether they render the MSP more
efficient and can modulate the cell behavior. It was found that the presence of MBs could
influence some of the cellular processes under investigation (such as the proliferation and
the internalization of MNPs), but only scarcely affected others (like the gene expression).
This suggests that they play a role in the MNP-cell interaction and can affect the cellular
behavior but only to a limited extent.

Methods for bio-physical cell stimulation have started to be integrated into 3D cell
culture models, in order to explore their applicability into systems that more faithfully
resemble the native tissue configuration as compared to cell monolayers grown in plastic
dishes. Matrices activated by sonoporation have also been presented [68–72], which
were intended to augment the cell internalization of genetic material on demand. In our
study, we have obtained a matrix for ASC culture by co-assembling the MNPs and a
common biomedical hydrogel. Our preliminary data show that such culture material can
mediate acoustic stimulation of cell functions. The biological effects that we observed also
included the deposition of calcium, a feature that points to an osteogenic switch of the ASC
phenotype. It is worth noting that the previously reported sono-activated matrices were
also developed to enhance the osteogenic potential of progenitors but they relied on direct
genetic cell modification [70–72], while in our work we demonstrated that similar results
can be achieved by using the mechanical action conveyed by applied forces and small
scaled materials. However, the main limitation of the present study is that the biomolecular
mechanisms underlying the observed biological effects are not well elucidated. In particular,
deeper investigations are needed to differentiate the biochemical effects of the sole MNPs
from those of the mechanical stress induced by the MSP procedure. To such a purpose,
future studies should focus on the comparison of the MSP with conventional incubation
conditions that allow to internalize similar amounts of IONPs, as well as on the assessment
of variations in the iron metabolism. Moreover, a complete characterization of the specific
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formulation of MNPs used as sonoporation agents is also necessary in order to identify the
relation between the chemo-physical properties of the nanomaterials, the applied forces,
and the reaction triggered in the stimulated biological system. Nevertheless, although
observational, the results here reported reveal clear biological alterations that might impact
on the proper use of the cells and represent a novel method for biophysical modulation of
cell functions.

In the past research, MSP was demonstrated in a few types of stem cell, some of which
are endowed with limited potency and can treat only specific pathological tissues [22,23,32].
For instance, it was shown that neural stem cells labeled with superparamagnetic IONPs
through focused US maintained key biological features, such as differentiation potential
and migration ability to the diseased tissue sites [22,23]. In our study, we performed MSP
on ASCs, stem cells characterized by accessible extraction sites, multipotency, and simple
culture, that can serve in the regenerative therapy of various tissue types [33–39]. How-
ever, we discovered morphological and biochemical alterations suggesting that magneto-
sonoporated ASCs were committed towards the osteoblastic profile, thus highlighting a
more precise applicative direction in the bone tissue repair.

As the MSP technical settings herein tested allowed for biosafe treatment of cells
in vitro, the future pre-clinical research will benefit from our technical optimization of the
procedure, while focusing on the mechanisms causing the observed biological alterations.
We performed our experiments in a closed apparatus where focused ultrasounds were de-
livered to cell suspensions collected in plastic tubes, as described in previous works [22,23].
In such a setting, a large number of cells can be easily and safely labeled immediately
after the potential extraction from patients, with a reduced contamination risk. The US
emission powers were included in the typical value ranges for biocompatible sonoporation,
already employed in previous works where MSP demonstrated high capability to preserve
cell viability and integrity [22,23,30–32]. The translatability of the present MSP setting
mostly concerns the possibility to enhance and accelerate the cell magnetization process,
and to control the cell functional profile in vitro, before the potential re-implantation of
cells in vivo. Nevertheless, a direct use of MSP in patients can be prospectively imagined
following crucial achievements that include:

i. a better definition of the mechanobiological activity of sonicated MNPs and the
mechanisms triggering the biological alterations observed in the cells;

ii. the influence of the biophysical properties of the specific MNP formulation on the
MSP process;

iii. the understanding of the interaction of US-mediated physical forces with human
tissues and bodies;

iv. the inherent optimization of the sonication setting.

The technical implementation of such a knowledge might render it possible to design
direct applications of MSP in vivo or to engineer implantable sonoactivated matrices.
In this regard, our preliminary test on 3D hydrogel matrices might represent the basis
for future investigations enabling the transition of the MSP from a cell pre-conditioning
technique to an imaging and therapeutic method applicable in vivo.

5. Conclusions

As a rapid and convenient technique for stem cell labeling, MSP has good prospects
for clinical investigations, and the optimization of parameters and experimental settings
will allow the MNP-cell interactions to be ameliorated [22]. However, an important consid-
eration arising from our study is that the safety of MSP as applied to stem cell imaging and
therapy results in being challenging to decipher and must be evaluated by distinguishing
the effects occurring at two different levels. On the one hand, the US waves can have high
mechanical compliance with biological materials, rendering the MSP relatively safe to use
with cells. Therefore, its application to biological systems is sustainable, and preserves
their integrity and survival. On the other hand, the impact of the biophysical stimulation
on the intracellular processes has to be carefully assessed. As demonstrated in this work,
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US and/or micro/nano-materials can strongly affect the cell phenotype in both mono-
layer and tissue-like configurations. Despite raising questions in regard to the labeling of
transplantable cells, this aspect also opens intriguing perspectives in strategies for remote
control over cell functions.
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Abstract: Magnetic nanofibers are of great interest in basic research, as well as for possible applications
in spintronics and neuromorphic computing. Here we report on the preparation of magnetic
nanofiber mats by electrospinning polyacrylonitrile (PAN)/nanoparticle solutions, creating a network
of arbitrarily oriented nanofibers with a high aspect ratio. Since PAN is a typical precursor for carbon,
the magnetic nanofiber mats were stabilized and carbonized after electrospinning. The magnetic
properties of nanofiber mats containing magnetite or nickel ferrite nanoparticles were found to depend
on the nanoparticle diameters and the potential after-treatment, as compared with raw nanofiber mats.
Micromagnetic simulations underlined the different properties of both magnetic materials. Atomic
force microscopy and scanning electron microscopy images revealed nearly unchanged morphologies
after stabilization without mechanical fixation, which is in strong contrast to pure PAN nanofiber
mats. While carbonization at 500 ◦C left the morphology unaltered, as compared with the stabilized
samples, stronger connections between adjacent fibers were formed during carbonization at 800 ◦C,
which may be supportive of magnetic data transmission.

Keywords: ferrimagnetic materials; superparamagnetism; magnetic hysteresis; magnetic materials;
magnetic nanoparticles; nanocomposites; nanowires

1. Introduction

Electrospinning makes it possible to create nanofiber mats from diverse materials, such as pure
polymers [1–3], polymers blends, composite fibers from polymers and ceramics or metals [4,5], and
cyclodextrins [6]. These can be used in diverse applications such as filters [7–9], biotechnology and
tissue engineering [10–12], for energy harvesting and storage [13,14], or other “smart” functions [15].
Recently, a strong focus of diverse research groups has been related to electrospinning magnetic
nanofibers, either as composites [16–18] or, after calcination of the composites to remove polymers, as
pure metal nanofibers [19–21]. Such magnetic nanofiber mats can be used, e.g., as catalysts [22], for
magnetic hyperthermia [23], or electromagnetic shielding [24]. In contrast to other methods, such as
electrodeposition [25,26], seed-mediated growth [27], magnetic field patterning of magnetic precursor
inks printed on a substrate [28], or electrochemical deposition [29], electrospinning has the advantage
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of enabling preparation of large-scale nanofiber networks in short times without the necessity to
use a cleanroom, highly sophisticated equipment, or highly toxic material, and is thus often used to
prepare magnetic nanofibers [30–34]. Notably, polyacrylonitrile (PAN) can be spun from the low-toxic
solvent DMSO [3], making the whole process relatively easy to handle and avoiding unnecessary
environmental pollution.

In contrast to other methods of producing magnetic nanofibers, electrospinning usually creates
nanofibers with different bending radii and forms a nanofiber mat without or with only low-fiber
orientation [35–37], resulting in much more complicated magnetic anisotropies than straight, even
nanofibers [38–40]. This makes electrospun nanofiber mats challenging for some applications, e.g., in
racetrack memory, which usually consists of an array of parallel arranged magnetic nanowires and can
theoretically store data series in some ten- to hundred-domain walls per nanowire [41].

On the other hand, chaotic nanofiber mats or fiber networks with low orientation are interesting
for other research areas; e.g., for bio-inspired neuromorphic computing [42]. This relatively new
research area aims at reaching high-performance computing at low power consumption, avoiding the
von Neumann bottleneck due to the separation of processor and memory in modern computers built
according to the von Neumann architecture by integrating both parts, i.e., storing and calculating data
in a structure inspired by the human brain. Recently, many attempts have been reported to implement
neural networks, imitating the biological function of the brain, with conventional computers [43–45].
Much better performance in terms of speed and reduced power consumption, however, can be expected
if physical networks of connected components are created to enable massive parallel computing [46–49].

Quasistatic and dynamic studies of the magnetic properties of bent nanofibers have been performed
by different research groups, using simulations or experimental investigations which have underlined
the aforementioned influence of diameter and curvature distributions [50–52]. For example, Alejos et
al. showed that a local longitudinal field could be used to control the current-induced magnetization
reversal in ferromagnetic strips. They used two bit-lines, above and below a ferromagnetic line
sandwiched between a heavy metal and an oxidized layer. In such a heavy metal/ferromagnet/oxide
triple layer, current-induced switching due to a global in-plane field is well-known [53–55], while the
local field created domain walls at defined positions—which is necessary for racetrack applications [52].

For potential application in neuromorphic computing, memristors or other elements are often
integrated in statistic fiber networks [56–58], an approach which cannot be realized with a single-step
electrospinning process. Here, instead, we report on a combination of magnetic nanofibers with beads,
tailored by a reduction of the polymer content in the spinning solution, as evaluated in detail in a
former study [59]. This combination of long, thin nanofibers with beads along the fibers allows for
combining data processing and storage, as shown in former studies [18,60–63].

2. Materials and Methods

2.1. Electrospinning

For the spinning solution, 14% polyacrylonitrile (PAN) (X-PAN, Dralon, Dormagen, Germany) was
dissolved in dimethyl sulfoxide (DMSO, min 99.9%, purchased from S3 chemicals, Bad Oeynhausen,
Germany) by stirring at room temperature for 2 h with a magnetic stirrer. PAN was chosen due to the
possibility of stabilizing and carbonizing it after electrospinning, making it conductive [64].

To make the fibers magnetic, nanoparticles from Fe3O4 (magnetite, particle size 50–100 nm)
and Fe2O3/NiO (diiron nickel tetraoxide or nickel ferrite, particle size <50 nm) were added (both
purchased from Merck KGaA, Darmstadt, Germany) by stirring manually for 10 min and dispersing
the nanoparticles in an ultrasonic bath for 40 min at 35 ◦C at a frequency of 37 kHz. Both materials
are ferrimagnetic in bulk form and become superparamagnetic for very small nanoparticles [65,66].
The polymer: nanoparticle weight ratio used here was 1:1.8, identical to the highest nanoparticle
concentration used in a previous study [18].
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The needleless electrospinning machine Nanospider Lab (Elmarco, Liberec, Czech Republic)
was used to prepare nanofiber mats on a polypropylene nonwoven substrate. Electrospinning was
performed using a high voltage of 80 kV, a nozzle diameter of 0.9 mm, a carriage speed of 150 mm/s, a
ground-substrate distance of 240 mm, and an electrode-substrate distance of 50 mm. The temperature
in the chamber was held at 22 ◦C, while the relative humidity was set to 32%.

2.2. Stabilization and Carbonization

Parts of the samples were afterwards stabilized in a B150 muffle furnace (Nabertherm, Germany),
approaching a temperature of 280 ◦C with a heating rate of 0.5 K/min, followed by isothermal treatment
for 1 h. This step was necessary to enable carbonization, since pure PAN is not thermally stable at
temperatures far above 300 ◦C, while carefully stabilized PAN is not degraded by high temperatures.
Subsequent carbonization was performed in a CTF 12/TZF 12 furnace (Carbolite Gero Ltd., Neuhausen,
Germany), approaching temperatures of 500 and 800 ◦C, respectively, with a heating rate of 10 K/min
in a nitrogen flow of 150 mL/min (STP), again followed by isothermal treatment for 1 h.

2.3. Experimental Investigations

Magnetic measurements were performed with an alternating gradient magnetometer (AGM)
Princeton MicroMag (LakeShore Cryotronics, Westerville, OH, USA). The surface morphology of the
nanofiber mats was investigated using a scanning electron microscope (SEM), the Zeiss 1450VPSE,
and an atomic force microscope (AFM), the FlexAFM Axiom (Nanosurf, Liestal, Switzerland). For the
chemical investigations, a Fourier-transform infrared (FTIR) spectrometer, Excalibur 3100 (Varian, Inc.,
Palo Alto, CA, USA), was used. Fiber diameters were evaluated using the software ImageJ 1.51j8 (from
National Institutes of Health, Bethesda, MD, USA).

2.4. Simulations

For comparison with the experimental investigations of the magnetic properties, the micromagnetic
simulation software OOMMF (Object-Oriented MicroMagnetic Framework) was used [67], applying
finite differences for meshing and solving the Landau–Lifshitz–Gilbert equation of motion [68]. The
following material parameters were chosen for Fe3O4 (Fe2O3/NiO) according to typical literature
values [69–73]: MS,magnetite = 500 × 103 A/m (MS,nickel-ferrite = 270 × 103 A/m), exchange constant
Amagnetite = 12 × 10−12 J/m (Anickel-ferrite = 12 × 10−12 J/m), magneto-crystalline anisotropy constant
K1,magnetite = 11 × 103 J/m3 (K1,nickel-ferrite = −6.9 × 103 J/m3). Since the electrospinning process can be
expected to produce arbitrarily oriented crystallographic orientations of the nanoparticles, random
orientations of the simulated grains of 5 nm diameter were chosen. While this approach would
lead to strong modifications of the simulation results due to arbitrary crystallographic orientations
in subsequent simulations, in case of cobalt or other materials with large magneto-crystalline
anisotropy [74], here the influence of the shape anisotropy dominated the relatively small
magneto-crystalline anisotropy, as usual in iron or permalloy samples of similar dimensions [75].
Setting the Gilbert damping constant to α = 0.5, a quasi-static case was modeled. Field sweeps were
performed in the range of ±300 mT to reach saturation.

The simulated shapes—a branched and a single fiber, respectively—were taken arbitrarily from
an SEM image as an example of possible parts of such nanofiber mats (Figure 1). Fiber thickness was
assumed as 120 nm, as according to the chosen part of a real magnetic nanofiber mat. Generally, the
fiber thickness and thus the shape of the cross-section can be modified by a hot-pressing treatment [76];
this possibility was not further investigated here.
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(a) 

 
(b) 

Figure 1. Simulated structures of dimensions 800 nm × 800 nm: (a) branched fiber; (b) single fiber.

The simulated hysteresis loops shown here were superposed of 7 hysteresis loops each, simulated
for external magnetic field sweeps in the range of ±3000 Oe with the field axis applied along 0◦
(horizontal in Figure 1), 15◦, . . . 90◦ (vertical in Figure 1). This was equivalent to averaging over
different nanofiber orientations in a constant external magnetic field, as it was applied during the AGM
measurements on the magnetic nanofiber mats.

3. Results and Discussion

3.1. Morphological Investigations

Figure 2 depicts SEM images of the magnetite samples under examination; Figure 3 shows SEM
images of the nickel-ferrite samples. As mentioned in Section 2, magnetic nanofiber mats with beads
along the fibers were produced to test the combination of structures for data storage and transport for
possible application in neuromorphic computing [18].

 

 
(a) 

 
(b) 

 
(c) 

 
(d) 

Figure 2. SEM images of polyacrylonitrile (PAN)/magnetite nanofiber mats: (a) after electrospinning;
(b) after stabilization; (c) after carbonization at 500 ◦C; (d) after carbonization at 800 ◦C.
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Figure 3. SEM images of PAN/nickel-ferrite nanofiber mats: (a) after electrospinning; (b) after
stabilization; (c) after carbonization at 500 ◦C; (d) after carbonization at 800 ◦C.

It should be mentioned that the aim of our recent study was not optimization of the numbers and
dimensions of the beads, but investigation of the magnetic properties of nanofiber mats directly after
electrospinning, as well as after stabilization and carbonization at different temperatures. Based on
recent results and corresponding micromagnetic simulations, a further morphological optimization of
the bead dimensions and quantities will be carried out.

In both nanofiber mats depicted in Figures 2 and 3, the typical increase of the fiber diameter is
visible due to relaxation of the internal stress in the nanofibers caused by the severe stretching during
electrospinning [77]. Since the nanofiber mats were not mechanically fixed or even actively stretched
during stabilization, this behavior can be expected, as discussed in detail in [77].

The diameter distributions of the nanofibers after the different treatments are depicted in Figures 4
and 5. In PAN/magnetite as well as PAN/nickel-ferrite nanofiber mats, stabilization resulted in a larger
average as well as in a broader distribution of the nanofiber diameters, the latter especially in case of
PAN/magnetite. While the average diameter of PAN/magnetite nanofibers after carbonization at 500 ◦C
was again smaller than after stabilization, both values were nearly identical for PAN/nickel-ferrite.
Carbonization at 800 ◦C resulted in both material blends in the largest diameters.

It should be mentioned, nevertheless, that these differences are not statistically significant due
to the broad distributions of the measured fiber diameters and may partly be based on the arbitrary
choice of the sample areas under investigation.
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Figure 4. Distributions of the diameters of PAN/magnetite nanofibers: (a) after electrospinning; (b) after
stabilization; (c) after carbonization at 500 ◦C; (d) after carbonization at 800 ◦C.

Both magnetic nanofiber mats showed the desired beads after electrospinning, with a larger
number of relatively large beads in the case of PAN/nickel-ferrite. Future micromagnetic simulations
are necessary to investigate which bead sizes are advantageous for data storage or use as switches,
as shown in [18]. The fibrous structure of the beads stayed similar after stabilization due to the slow
heating process, which was optimized in former studies for pure PAN nanofibers and PAN with
integrated metal-oxide nanoparticles [78,79]. After carbonization at 500 ◦C, however, the beads in the
PAN/nickel-ferrite nanofiber mats became smaller, an effect which has to be investigated in detail in
the future. At 800 ◦C, the fiber structure of the PAN/magnetite nanofiber mats changed unexpectedly,
which was not the case for PAN/TiO2 nanofiber mats [79] or PAN/gelatin nanofiber mats [80]. While
this pure nanofiber structure is of great interest for data transport in magnetic networks, it cannot
be used any more for date storage. Similarly, the beads were nearly lost in the PAN/nickel-ferrite
nanofiber mat carbonized at 800 ◦C.

Apparently, it is necessary to either find a compromise between conductivity—which usually
increases with increasing carbonization temperature and would support current-driven domain-wall
transport—and the beads which could be used for data storage and manipulation. On the other
hand, the carbonization parameters used here, especially the heating rate, were optimized for PAN,
PAN/gelatin, and PAN/TiO2, and can possibly be further optimized in the cases of PAN/magnetite, and
PAN/nickel-ferrite, respectively, to maintain the desired structure.
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Figure 5. Distributions of the diameters of PAN/nickel-ferrite nanofibers: (a) after electrospinning;
(b) after stabilization; (c) after carbonization at 500 ◦C; (d) after carbonization at 800 ◦C.

3.2. Chemical Investigations

Next, Figure 6 depicts FTIR spectra of PAN/magnetite samples; spectra measured for
PAN/nickel-ferrite are approximately identical and are thus not shown here.

Figure 6. FTIR measurements of PAN/magnetite samples after electrospinning, stabilization, and
carbonization at 500 and 800 ◦C. The lines are vertically offset for clarity.

As described in detail in previous studies [78–80], the raw PAN/magnetite nanofiber mat was
characterized by stretching vibrations of the C≡N nitrile functional group at 2240 cm−1, the carbonyl
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(C=O) stretching peak at 1732 cm−1, and bending and stretching vibrations of CH2 visible at 2938 cm−1,
1452 cm−1, and 1380 cm−1. In the raw nanofiber mat, no residues of the solvent DMSO were visible,
underlining that only very small amounts of DMSO were left in these nanofiber mats.

In the stabilized nanofiber mats, the most prominent peaks were those of C=N stretching vibrations
at 1582 cm−1, C=C stretching vibrations at 1660 cm−1, and C-H bending and C-H2 wagging around
1360 cm−1. After carbonization at 800 ◦C, the peaks nearly fully vanished since few functional groups
were left after carbonization, resulting in the typical high absorbance of carbon. Temperature treatment
at 500 ◦C was apparently not sufficient for a full carbonization process; instead, the FTIR spectrum still
looked very similar to the stabilized sample.

Comparing the FTIR measurements with those performed on pure PAN nanofiber mats or PAN
blends with gelatin, TiO2, etc. [78–80], no significant difference was visible due to the embedded
magnetic nanoparticles.

3.3. Magnetic Investigations

The magnetic characteristics of the magnetic nanofibers with magnetite and nickel-ferrite
nanoparticles, respectively, are depicted in Figure 7.

 
(a) (b) 

 
(c) 

Figure 7. Alternating gradient magnetometer (AGM) measurements of hysteresis loops, performed
on magnetic nanofibers including nanoparticles from (a) magnetite; (b) nickel-ferrite; and (c) coercive
fields measured on these samples.
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Firstly, it is clearly visible that the coercive fields of the magnetite-based nanofibers were
significantly larger than those of the nickel-ferrite-based nanofibers. For the PAN/magnetite
nanofiber mats, the coercive fields did not change strongly with temperature treatments, while
the PAN/nickel-ferrite nanofiber mats showed a soft magnetic behavior with only a very small coercive
field at low temperature and much larger coercive fields after carbonization processes. Since both
materials have similar magnetic properties, this difference can be attributed to the different nanoparticle
dimensions—while the magnetite nanoparticles with diameters of 50–100 nm were large enough
to show ferrimagnetic characteristics even without agglomerations, the nickel-ferrite nanoparticles
with diameters below 50 nm were partly small enough for superparamagnetic behavior. Only after
carbonization, when the nanofibers started forming conglutinations, were the neighboring nickel-ferrite
nanoparticles near enough to overcome the superparamagnetic limit.

It must be mentioned that the highest carbonization temperature of 800 ◦C was above the Curie
temperatures of both magnetic materials, which is approx. 570 ◦C for both bulk samples and 517 ◦C [81]
or only 495 ◦C [82] for nanocrystalline nickel-ferrite. Similarly, in Fe3O4 nanocrystals, strongly reduced
Curie temperatures down to 440 ◦C were reported [83]. In addition, a cation reordering was reported
to occur in magnetite above 427 ◦C, corresponding to a gradual transformation from disordered to
partially ordered configuration of magnetite [84]. These structural and magnetic effects may also have
influenced the hysteresis loop shapes, in addition to the strong mass and volume loss; the latter resulting
from an overproportioned shortening of the fibers as compared to the diameter increase, depicted
in Figures 4 and 5, of the fibers during stabilization and carbonization [78–80], which automatically
reduced the distances between neighboring nanoparticles and thus influenced their collective magnetic
characteristics [85].

Figure 8 shows a comparison of nanofiber mats and thin films, prepared from PAN with both
magnetic nanoparticles used in this study. It is clearly visible that the magnetic properties were quite
similar for both shapes, indicating that in both cases the nanoparticles were not near enough to each
other to be subject to the magnetic shape anisotropy of the nanofibers, but were dominated by the
single particle magnetic shape anisotropy. Whether there was any magnetic anisotropy of the particles
inside the fibers, induced by electrospinning, has to be examined in future magnetic force microscope
(MFM) investigations.

Figure 8. Hysteresis loops of as-prepared nanofiber mats and films from PAN with magnetite or
nickel-ferrite nanoparticles, respectively.

3.4. Micromagnetic Simulations

This finding is underlined by the micromagnetic simulations depicted in Figure 9, showing
hysteresis loops averaged over simulations along 0◦, 15◦, . . . 90◦ for magnetite and nickel-ferrite
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branched and single fibers, in this way simulating the expected results of macroscopic measurements
on stochastically distributed pure magnetic nanofibers with or without branches.

 
(a) (b) 

 
(c) (d) 

Figure 9. Simulated hysteresis loops of (a) magnetite branched fiber; (b) magnetite single fiber;
(c) nickel-ferrite branched fiber; (d) nickel-ferrite single fiber.

The finding that coercive fields of nickel-ferrite nanofibers were generally smaller than those
of magnetite nanofibers corresponds to the experimental results. The absolute values, however,
were significantly larger in the simulation, underlining that the magnetic nanofibers prepared by
electrospinning contained distributed magnetic nanoparticles which showed different magnetization
reversal processes than the completely magnetic simulated nanoparticles. Apparently, simulations of
stochastically distributed nanoparticle networks in the nanofiber shells are necessary to investigate in
more detail the influence of inter-particle distances and the overall fiber shell, building a matrix in
which the magnetic nanoparticles are distributed, on static and dynamic magnetization characteristics
of the nanofiber network.

4. Conclusions

Magnetic nanofibers were prepared by electrospinning PAN nanofibers filled with magnetite or
nickel-ferrite nanoparticles. While raw and stabilized fibers were relatively even and straight, more and
more conglutinations between neighboring fibers occurred with increasing carbonization temperature,
in case of magnetite leading to a deformation of the fiber shape from round fibers into flat ribbons.
The magnetic properties were, especially in case of the smaller nickel-ferrite nanoparticles, strongly
influenced by the thermal post-treatments, indicating that magnetization reversal is dominated by
single-particle characteristics rather than by clusters of strongly interacting nanoparticles. Comparison
with micromagnetic simulations of full-metal oxide nanofibers underlined this finding. It should be
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mentioned that care must be taken in the evaluation of magnetic properties after heating the nanofiber
mats above the Curie temperatures of the magnetic nanoparticles; these thermal influences may have
caused modifications of the magnetic properties in addition to the well-known structural changes of
the nanoparticles due to a high-temperature treatment.

Future simulations of randomly distributed nanoparticles of different sizes inside a nanofiber
matrix are necessary to fully understand the magnetic behavior of electrospun, stabilized, and
carbonized magnetic nanofibers. To tailor research according to the necessities of data storage and
transport for neuromorphic computing and other novel applications, additional MFM investigations
on magnetization reversal and dynamics in these random nanofiber networks are necessary to produce
reliable neuromorphic computing systems.

Additionally, on the materials science side, tailoring of the dimensions and quantities of the
beads according to the afore-simulated necessities should be carried out, as well as an investigation of
the stabilization and carbonization process in more detail, including examination of high-resolution
images of the inner structures of the fibers by transmission electron microscopy (TEM). In this study,
the optimum stabilization and carbonization parameters for pure electrospun PAN nanofibers were
applied; however, it cannot be excluded that due to the embedded metallic nanoparticles, a new
optimization study is necessary to avoid the unexpected formation of ribbon-like structures in the
PAN/magnetite nanofiber mats after carbonization at 800 ◦C.
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Abstract: In nanoscale magnetic systems, the possible coexistence of structural disorder and competing
magnetic interactions may determine the appearance of a glassy magnetic behavior, implying the onset
of a low-temperature disordered collective state of frozen magnetic moments. This phenomenology
is the object of an intense research activity, stimulated by a fundamental scientific interest and by the
need to clarify how disordered magnetism effects may affect the performance of magnetic devices
(e.g., sensors and data storage media). We report the results of a magnetic study that aims to broaden
the basic knowledge of glassy magnetic systems and concerns the comparison between two samples,
prepared by a polyol method. The first can be described as a nanogranular spinel Fe-oxide phase
composed of ultrafine nanocrystallites (size of the order of 1 nm); in the second, the Fe-oxide phase
incorporated non-magnetic Au nanoparticles (10–20 nm in size). In both samples, the Fe-oxide phase
exhibits a glassy magnetic behavior and the nanocrystallite moments undergo a very similar freezing
process. However, in the frozen regime, the Au/Fe-oxide composite sample is magnetically softer.
This effect is explained by considering that the Au nanoparticles constitute physical constraints that
limit the length of magnetic correlation between the frozen Fe-oxide moments.

Keywords: disordered magnetism; super-spin glass; glassy correlation length; magnetic freezing;
nanogranular Au/Fe-oxide; Fe-oxide nanocrystallites

1. Introduction

Magnetic systems classifiable as ‘disordered’ have the common property that the constituent
magnetic moments undergo, at a critical temperature, a collective freezing along essentially random
directions, giving rise to a low-temperature quasi-degenerate frozen state. This phenomenology
requires basic ingredients, which are topological disorder, mixed and competing magnetic interactions,
and random local anisotropy.

For instance, in amorphous magnetic materials the atomic spins may give rise to a non-collinear
magnetic structure (speromagnetic or asperomagnetic) as a result of the competition between magnetic
anisotropy and exchange interaction and depending on the distribution in sign of the exchange coupling
constants [1].

In dilute magnetic alloys of noble metals (e.g., Au, Ag, Cu, and Pt) with 3d transition metal
impurities (e.g., Fe or Mn), the randomness of site occupancy of the atomic spins and the frustration of
competing magnetic interactions (RKKY and dipolar) result in a canonical spin glass behavior,
characterized by the transition from a high-temperature paramagnetic state of the spins to a
low-temperature frozen regime [2–4]. In the spin glass description, an important parameter is
the length on which the spins are rigidly coupled together under the action of competitive magnetic
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interactions [5]. In a canonical spin glass, this magnetic correlation length increases more and more on
reducing temperature across the freezing one, and in principle, it reaches an infinite extension in the
final, low-temperature frozen regime. It is worth mentioning that, depending on the specific system,
the frozen regime can also develop out of a ferromagnetic state of the spins (re-entrant behavior) [5–8].

The advent of nanoscience has led to the creation of engineered magnetic materials (nanoparticles,
nanogranular materials, nanocrystalline thin films, and multilayers), showing novel magnetic effects
of huge relevance in strategic technological sectors (e.g., energy, spintronics, data storage, sensors,
biotechnology, and nanomedicine). This intense research activity on nanostructured magnetic systems
has also disclosed the existence of a variety of disordered magnetism phenomena.

It is now quite well established that a random assembly of dipolar interacting magnetic
nanoparticles may undergo a collective freezing, resulting in a low-temperature glassy magnetic
regime [9–17]. The frozen regime is often termed “super-spin glass” (SSG), in order to stress that
the magnetic entities that undergo the freezing process are not atomic spins, but the nanoparticle
moments [18–20].

Canting and glassy dynamics of surface spins were observed in ferrite [21–25] and
antiferromagnetic nanoparticles [26,27], as a result of reduced atomic coordination and altered
super-exchange bonds. A spin glass like freezing was reported for the spins located at the grain
boundaries of ball-milled antiferromagnetic FeRh [28], pure nanocrystalline Fe [29], and Fe thin
films [30], due to the combination of structural disorder and distributed (in magnitude and sign)
exchange interactions.

Disordered magnetism effects were found to dominate the magnetic properties of two-phase
nanogranular systems. For instance, pellets obtained by the high-pressure compaction of core-shell
Fe/Fe-oxide nanoparticles were described as being composed of a structurally disordered Fe-oxide
matrix embedding Fe nanoparticles [31]. The magnetic study revealed a magnetic freezing of net
Fe-oxide moments, a behavior which was termed “cluster-glass like.” In nanogranular samples
consisting of Ni nanoparticles embedded in a NiO matrix, the presence of a structurally disordered NiO
components at the interface between the ferromagnetic (FM) and antiferromagnetic (AFM) phases and
showing a glassy magnetic behavior, ruled the magnetic properties of the whole composite system [32].
In materials of this type, the observation of the exchange bias effect allowed valuable information to be
obtained on the disordered magnetism phenomenology. It is worth recalling that the exchange bias
effect is the horizontal shift of the hysteresis loop that may be observed in nanostructured FM/AFM
systems after field-cooling through the Néel temperature of the AFM, so that the AFM spins couple
to the FM ones, minimizing the interface exchange interaction [33,34]. The loop shift reveals the
existence of a unidirectional anisotropy for the FM spins, due to the torque action exerted on them
by the AFM ones. It was found out that the role of the AFM in this exchange coupling mechanism
may also be played by a glassy magnetic phase whose magnetization dynamics ends up ruling the
magnetic behavior of the whole composite system [35–40].

Due to the strategic importance of the exchange bias effect in the technology of spintronic
devices [41,42], the exchange coupling mechanism is mainly investigated in FM/AFM samples in
the form of films or nanopatterned structures [43]. Disordered magnetism phenomena emerge also
in systems with this configuration [44–49]. For instance, in NiFe/IrMn bilayers, the existence of
a structurally disordered IrMn region with spin glass like behavior, interposed between the NiFe
layer and the bulk of the IrMn layer, well accounted for the thermal evolution of the exchange bias
effect and for its disappearance at a temperature much lower than expected, namely, much lower
than the Néel temperature of the AFM [46]. However, for this glassy phase, the onset of an infinite
magnetic correlation length below the freezing temperature was not experimentally observed. This
was explained considering that the interface region was inherently inhomogeneous, both from the
structural and magnetic point of view, and that this hindered the formation of an infinite correlated
frozen state [50]. In the case of NiFe/IrMn nanodots, a dependence of the exchange bias effect on the
ratio between the dot size and the glassy correlation length was demonstrated [50,51]. Moreover, it was
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shown that the exchange bias effect of NiFe/IrMn bilayers could be tuned by varying the correlation
length in the IrMn spin glass like region, through the insertion of non-magnetic nanosized Cu elements
at the FM/AFM interface [52].

Thus, these findings indicate that a modulation of the correlation length in a glassy magnetic
material may be achieved by controlling the structural and/or compositional features. Despite the
described extensive research work on the disordered magnetism phenomenology, this specific topic
has rarely been addressed. In order to better elucidating it, suitable samples would be needed, with
a dominant and well detectable glassy magnetic nature. Composite materials like those described
above, in which the glassy magnetic phase is interfaced to a FM one or interposed at the FM/AFM
interface, are not particularly suitable, actually. In fact, it is almost invariably observed that, above
the freezing temperature, the spins in the FM and AFM components exert a polarizing action on
the thermally fluctuating spins of the disordered component, influencing their relaxation dynamics
and preventing their passage to the (super)-paramagnetic regime (effect reminiscent of the re-entrant
behavior) [29,32,50].

In this context, we have succeeded in preparing two nanogranular samples with peculiar structural
properties, extremely favorable for the appearance of disordered magnetism effects. The first is made of
ultrafine spinel Fe-oxide nanocrystallites, with sizes of the order of 1 nm. The second sample consists of
the same Fe-oxide phase and of Au nanoparticles of 10–20 nm in size. We will show that both samples
possess an SSG magnetic character and that the freezing of the Fe-oxide nanocrystallite moments
occurrs following a very similar dynamics. However, in the frozen regime, the Au/Fe-oxide composite
exhibits a softer magnetic behavior. This effect is discussed considering how the presence of the Au
nanoparticles affects the glassy state and highlighting the role of the magnetic correlation length.

2. Experimental

2.1. Synthesis of the Fe-Oxide and Au/Fe-Oxide Nanogranular Samples

The samples are synthesized by a polyol method [53]. All reagents and solvents are purchased
from Sigma-Aldrich and used without further purification.

To prepare the Fe-oxide sample, a solution, obtained dissolving 2.0 g of iron(III) chloride
hexahydrate (FeCl3·6H2O) in 5.0 mL of ethylene glycol and 1.5 mL of water, is injected quickly
and under vigorous stirring in 25 mL of an oleylamine (10 g) solution in ethylene glycol, at 190 ◦C
in inert atmosphere (nitrogen). The reaction mixture is heated at reflux for 6 h. After cooling at
room temperature, the black suspension is poured into 200 mL of acetone to precipitate the Fe-oxide
phase, which is separated magnetically, washed several times with acetone (3 × 50 mL), and dried
under vacuum.

The Au/Fe-oxide sample is obtained by introducing the gold precursor into the previously prepared
Fe-oxide. To this end, 10 mg of the Fe-oxide phase is dispersed in 1 mL of octylamine and 5 mL of
ethylene glycol under magnetic stirring, and heated at 150 ◦C. The black suspension is then treated
with 1 mL of gold(III) chloride hydrate (HAuCl4, 30 mg) solution in ethylene glycol, followed by 100 μL
of a 50% solution of tetramethylammonium hydroxide in water. The dark-reddish suspension is stirred
at room temperature for 45 min and then poured into 250 mL of acetone for magnetic separation. After
washing with acetone (4 × 25 mL), the solid precipitate is dried under vacuum.

The Fe-oxide and the Au/Fe-oxide samples are in powder form and labelled MNP and
AuMNP, respectively.

2.2. Characterization Techniques

The inner structure of the MNP and AuMNP samples is investigated by transmission
electron microscopy (TEM) techniques by using a Philips CM200 microscope (Philips, Amsterdam,
The Netherlands) operating at 200 kV and equipped with a LaB6 filament. For TEM observations, a small
quantity of powder is dispersed in ethanol and subjected to ultrasonic agitation for approximately one
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minute. A drop of suspension is deposited on a commercial TEM grid covered with a thin carbon film;
finally, the grid is kept in air until complete evaporation of ethanol.

The magnetic properties of the samples are investigated by a superconducting quantum
interference device (SQUID) magnetometer (Quantum Design, San Diego, USA) operating in the range
5–300 K (maximum applied field Happl = 50 kOe, sensitivity 10−7 emu). The powder to be measured is
inserted into a suitable holder and slightly pressed to avoid any movement during the measurement.

3. Results

3.1. Structural Properties Investigated by TEM

The morphology and structure of the MNP and AuMNP samples are analyzed by TEM techniques.
A bright-field TEM image of MNP is shown in Figure 1a. The powder is composed of large

agglomerates, which appear as a quite compact medium. Regions with different thickness (with respect
to the electron beam direction), consequently providing a different contrast, can be distinguished.

Figure 1. Sample MNP: (a) bright field TEM image and corresponding SAED pattern (inset; the blu
lines mark the diffraction rings discussed in text); (b,c) HR-TEM images showing ultrafine Fe-oxide
nanocrystallites (red circles). In particular, the circle in frame (c) encloses a small Fe-oxide nanocrystallite
in [114] zone axis. Sample AuMNP: (d) bright field TEM image and corresponding SAED pattern (inset);
(e) HR-TEM image showing Au nanoparticles in contact with each other and with the Fe-oxide phase;
(f) HR-TEM image showing a portion of a gold nanoparticle and an ultrafine Fe-oxide nanocrystallite
(red circle).

By increasing the magnification and performing high-resolution (HR) TEM observations, it turns
out that the sample structure is characterized by a high degree of structural disorder. Typical HR-TEM
images, such as those shown in Figure 1b,c, reveal the presence of randomly oriented crystals of about
2–5 nm in size (circled regions). Thus, we model the sample as a nanogranular material made of
ultrafine nanocrystallites. The distance between the fringes highlighted in Figure 1b is estimated by
the fast Fourier transform (FFT) of the image, performed by using the Gatan Microscopy Suite GMS3

130



Materials 2019, 12, 3958

software [54]. The value obtained is d = (0.251 ± 0.05) nm, compatible with the (311) atomic planes of
the spinel Fe-oxide structure.

Due to the TEM experimental error, it is not possible to distinguish between magnetite Fe3O4

(in which d(311) = 0.253 nm) and maghemite γ-Fe2O3 (d(311) = 0.252 nm). The selected area electron
diffraction (SAED) pattern of the sample region imaged in Figure 1a is shown in the inset of the
same figure. It features broad and diffuse diffraction rings, confirming the poor crystallinity of
MNP. The interplanar distances associated to the two most visible rings (evidenced in the image) are
d1 = 0.25(2) nm and d2 = 0.14(8) nm, corresponding to the family of planes (311) and (440) of the spinel
Fe-oxide structure, respectively.

Passing to sample AuMNP, a typical bright field TEM image is shown in Figure 1d. The Fe-oxide
phase, which gives the light-grey contrast, incorporates black, roughly spherical elements with sizes
between 10 and 20 nm, which correspond to Au nanoparticles. The nature of these two phases is
confirmed by SAED measurements. In fact, the SAED pattern (inset of Figure 1d) shows well-defined
and speckled diffraction rings, consistent with a crystalline Au phase composed of large grains; in the
inner part of the pattern, a diffuse diffraction ring is visible (marked in the figure), which is attributed
to the spinel Fe-oxide structure; in particular, to the (311) family of planes.

The HR-TEM analysis further confirms the good crystallinity of the Au nanoparticles, whereas
the Fe-oxide phase has a poorly crystalline structure, perfectly similar to that observed in MNP
(Figure 1e–f). In most cases the Au nanoparticles are in contact with each other and act so as to spatially
confine the Fe-oxide phase, as shown in Figure 1e.

3.2. Magnetic Properties

3.2.1. Hysteresis Loops

Magnetic hysteresis loops measured on MNP and AuMNP at T = 5 K are shown in Figure 2a.
In particular, the specific magnetization M is reported, obtained by normalizing the magnetic moment
to the mass of the sample. The loops show a non-saturating tendency, more pronounced in MNP.
The values of the saturation magnetization MS at T = 5 K are extrapolated from the loops for 1/H
tending to zero and are reported in Table 1. By comparing the MS of MNP with that measured in
AuMNP, we estimate that the fractions of Fe-oxide and Au in the latter sample are (55 ± 1) wt.%
and (45 ± 1) wt.%, respectively. In that calculation, the diamagnetic contribution of Au to the total
magnetization is neglected. Since the mass magnetic susceptibility of Au is (−1.42 × 10−7) emu/g
Oe [55], the diamagnetic contribution to the magnetization at H = 50 kOe is much smaller than the
experimental error associated to the MS value. In Table 1, we report the values of coercivity HC and of
the irreversibility field Hirr. The latter parameter is the field at which the ascending and descending
branches of the hysteresis loop join together, and it may be considered a measure of the anisotropy field
of the system, i.e., Hirr = 2 Keff/MS, where Keff is the effective anisotropy [56,57]. In order to calculate
Keff from this relationship, MS must be expressed in (emu/cm3); namely, the value of MS for MNP
must be multiplied by the density of the Fe oxide phase, which we conventionally take to be 5 g/cm3,
corresponding to the average of bulk Fe3O4 and γ-Fe2O3. The values of Keff, also shown in Table 1,
and of HC, indicate a softer magnetic behavior of sample AuMNP, compared to MNP.
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± ± ± ±

Figure 2. (a) Magnetic hysteresis loops measured on the MNP and AuMNP samples at T = 5 K. Inset:
close-up of the central region of the loops. (b) Anhysteretic magnetization curves for MNP and AuMNP
obtained from the loops in (a); they are shown as normalized to their value at H = 50 kOe (M50kOe).
(c) Central region of the hysteresis loops measured on sample MNP in zero-field-cooling (ZFC) and
field-cooling (FC) mode. (d) Magnetization curves measured on MNP and AuMNP at T = 300 K.

Table 1. The data refer to the MNP and AuMNP samples, as indicated in column 1, measured at T = 5 K.
Column 2: saturation magnetization MS. Column 3: Coercivity HC. Columns 4 and 5: irreversibility
field Hirr and effective magnetic anisotropy Keff. Column 6. Parameter Hshift, which quantitatively
expresses the shift of the FC loop. Column 7: demagnetization remanence coercivity, HC_DCD.

Sample
MS (emu/g)
±1%

HC (Oe)
±1%

Hirr (Oe)
±2%

Keff (erg/cm3)
±2%

Hshift (Oe)
HC_DCD (Oe)

2%

MNP 34.8 559 21300 1.82 × 106 38 ± 3 1300
AuMNP 19.0 221 6300 5.4 × 105 11 ± 2 618

In Figure 2b, we show the anhysteretic magnetization curves, obtained from the loops at T = 5 K
and normalized to their value at H = 50 kOe (M50kOe), in order to deal with comparable values.
A higher initial magnetic susceptibility (i.e., slope dM/dH at low field) and a lower high-field
magnetic susceptibility (i.e., slope dM/dH in the field range 30–50 kOe) characterize the anhysteretic
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magnetization curve of AuMNP, both features indicating that this sample is more easily magnetized,
compared to MNP.

Hysteresis loops are also measured at T = 5 K after cooling the samples from room temperature
in a field Happl = 50 kOe (field-cooling mode, FC). Compared to the loops in Figure 2a, measured
in zero-field-cooling mode (ZFC), the FC loops appear shifted to the left. The effect is shown for
sample MNP in Figure 2c, where the central region of the ZFC and FC loops is displayed. The shift
can be quantitatively expressed by the positive parameter Hshift = −(Hright + Hleft)/2, where Hright and
Hleft are the points where the loop intersects the field axis. For MNP, Hshift = (38 ± 3) Oe, whereas
Hshift = (11 ± 2) Oe for AuMNP (Table 1).

Hysteresis loops are also measured on the two samples at temperature T = 20, 50, and 300 K. With
increasing temperature, HC decreases strongly and no magnetic hysteresis is observed at T = 50 K and
300 K. The loops measured at T = 300 K are shown in Figure 2d.

The DC demagnetization remanence (DCD) is measured on MNP and AuMNP at T = 5 K, in order
to obtain the demagnetization remanence coercivity HC_DCD. In the DCD measurement procedure, the
sample is initially brought to saturation by a negative magnetic field and then progressively magnetized
by a positive field increasing from 0 Oe up to 50 kOe. The recorded remanence values are plotted as
a function of the previously applied magnetic field, and the curve so-obtained is normalized to its
initial value. The parameter HC_DCD corresponds to the field at which the DCD curve intercepts the
x-axis, and therefore, it is a measure of the difficulty of demagnetizing the system [58]. In particular,
HC_DCD depends only on the irreversible part of the demagnetization process, unlike the coercivity
HC, which includes both reversible and irreversible changes. The values of HC_DCD, obtained from the
DCD curves displayed in Figure 3, are reported in Table 1: the parameter is twice higher in MNP than
in AuMNP, which confirms the different magnetic hardness of the two samples at T = 5 K.

Figure 3. DC demagnetization remanence (DCD) curves, measured at T = 5 K on MNP and AuMNP.
The field at which the DCD curve intercepts the x-axis corresponds to the demagnetization remanence
coercivity, HC_DCD.

3.2.2. Magnetothermal Behavior

To gain information on magnetic relaxation processes in the two samples, the magnetization is
measured for increasing temperature (heating rate = 3 K/min) in a static magnetic field Happl after
cooling the samples from room temperature down to T = 5 K with no applied field (ZFC mode) and in
Happl (FC mode). The analysis is carried out at different values of Happl, in the 20 Oe–5 kOe range
(a higher number of measurements is performed on AuMNP, actually). The curves of MZFC_FC versus
T (each normalized to the respective value of Happl) are shown in Figure 4. Their shapes are similar
for the two samples. At the lowest values of Happl (20–50 Oe), MZFC increases on rising temperature
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from 5 K to about 30 K and then decreases following a 1/T dependence, giving rise to a sharp cusp
(in the inset of Figure 4a, the MZFC versus T curve, at Happl = 50 Oe, is shown for T ≥ 35 K, together
with the 1/T fit line). In the same temperature interval, MFC is higher than MZFC, namely, an effect
of magnetic irreversibility is visible. The MZFC and MFC branches join together at the irreversibility
temperature Tirr, which is just slightly higher than that corresponding to the MZFC peak. A difference
between the two samples concerns the trend of the MFC curve in the temperature range where magnetic
irreversibility exists. In fact, below T~30 K, MFC in AuMNP increases with decreasing T, whereas the
curve of MNP shows a dip, particularly well visible at Happl = 50 Oe.

Figure 4. (a) Magnetization measured on sample MNP and sample AuMNP (b) for increasing
temperature (T), at the indicated values of the applied magnetic field Happl, after zero-field-cooling
(MZFC, lower branch of each displayed curve) and after field-cooling (MFC, upper branch). For a better
view, the values of MZFC_FC/Happl are displayed, actually. The inset in frame (a) shows the MZFC versus
T curve, at Happl = 50 Oe, for T ≥ 35 K (red circular symbols), together with the 1/T fit line (black line).

On increasing Happl, Tirr reduces as well as the extent of the irreversibility effect. The latter is still
visible at Happl = 5 kOe, even if it is not appreciable on the scale of the graph shown in Figure 4, and it
is erased at a higher field.

The magnetization in applied field Happl = 50 kOe (M50kOe) is measured on MNP and AuMNP as
a function of temperature, in the 5–300 K range (Figure 5). A weaker thermal dependence of M50kOe is
observed in AuMNP.

Figure 5. Thermal dependence of the magnetization measured in Happl = 50 kOe (M50kOe) on the MNP
and AuMNP samples. The curves are normalized to their initial values at T = 5 K.
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Finally, we report the results of magnetic relaxation measurements carried out on MNP and
AuMNP according to the following procedure. The sample is cooled from T = 300 K down to T = 5 K;
once this temperature is reached, we allow a 30 s elapse (waiting time, tw) before the application of a
magnetic field Happl = 50 Oe, and the time variation of the magnetization is recorded. Then, the field is
removed, the temperature is raised to 300 K, lowered at T = 5 K, and after tw = 10,800 s (i.e., 3 h), Happl

is applied and M versus time is measured again.
The results are shown in Figure 6. Both for MNP and for AuMNP, the two curves are not

superposed, which reveals the existence of an aging effect, namely, a dependence of the magnetic
relaxation phenomenon on tw.

Figure 6. Time dependence of the magnetization measured at T = 5 K, in Happl = 50 Oe, on MNP (a)
and AuMNP (b), for two different waiting times, tw = 30 s and tw = 10,800 s (i.e., 3 h).

4. Discussion

Both the samples investigated show a magnetic behavior typical of the disordered magnetism
phenomenology. A clear indication of this is the shape of the MZFC-FC curves (Figure 4), which is
consistent with the onset of a low-temperature frozen collective magnetic regime at Tirr (i.e., Tirr

corresponds to the freezing temperature). This magnetic behavior is certainly prompted by the high
structural disorder of the Fe-oxide phase, which is also expected to bring about a marked spin canting
effect. In fact, the value MS~34.8 emu/g measured at T = 5 K in MNP (Table 1) is definitely lower than
that of bulk spinel iron oxide phases (at T = 0 K, Ms~83 emu/g for maghemite and Ms~98 emu/g for
magnetite), which reveals a strong lack of spin collinearity [31,59,60]. In this regard, it should be noted
that ferrimagnetic iron oxide nanoparticles are often reported to consist of a mix of maghemite and
magnetite [61]. The former can appear following the oxidation of the latter, and thus the two phases
have a very similar spinel structure, which makes them difficult to be experimentally distinguished.

As observed by TEM (Figure 1), the Fe-oxide phase consists of large agglomerates of randomly
oriented, ultrafine nanocrystallites, forming a quite compact, though inhomogeneous, nanogranular
material. Hence, the nanocrystallite magnetic moments can magnetically interact both through
super-exchange and dipolar interactions, both being ferromagnetic and antiferromagnetic in type. Thus,
the following picture can be drawn. At T = 300 K, the magnetic moments are free to thermally fluctuate,
i.e., exhibit superparamagnetic relaxation, in line with the absence of magnetic hysteresis (Figure 2d).
Evidence that the fluctuating moments at T = 300 K are larger than single atomic spins—which is
the reason why we refer to a superparamagnetic state rather than to purely paramagnetic state—is
provided by the S-shape of the magnetization curves at this temperature, showing an approach to
saturation in the high-field region (Figure 2d). With decreasing temperature, the effective magnetic
anisotropy acting on the magnetic moments increases more and more. Below Tirr, the combination of
structural disorder and mix of competing magnetic interactions brings about a collective freezing of the
moments along locally varying anisotropy axes, giving rise to a disordered magnetic state, essentially
describable as an SSG. The existence of a low-temperature collective frozen magnetic state of the
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Fe-oxide moments in MNP and AuMNP is definitely confirmed by the observation of the aging effect,
i.e., the dependence of the relaxing magnetization on tw (Figure 6). In fact, that is typical of magnetic
moment systems governed by glassy dynamics and it reveals the existence of a multidegenerate ground
state (multivalley energy structure) [14,35,62–64].

This behavior is reminiscent of that shown by the poorly crystalline Fe-oxide phase (mean grain
size~2 nm) in the Fe/Fe-oxide system, already recalled in the Introduction (in this respect, it is worth
noting that also the value of MS of the Fe-oxide phase was close to that measured in MNP) [31,35].
However, in that case, above the freezing temperature (~20 K), the Fe-oxide moments were not seen to
enter the superparamagnetic state, due to the polarizing action of the Fe moments. On the contrary,
for MNP and AuMNP, the passage from the frozen to the superparamagnetic regime with increasing
temperature above Tirr is clearly revealed by the 1/T trend of the MZFC-FC curves (Figure 4).

Let us consider these curves in more detail. In canonical spin glasses, Tirr follows a (Happl)2/3

dependence, corresponding to the so-called AT line [65]. In the case of the samples investigated, we
find that the evolution of Tirr with Happl is better described by a 1

2 power law dependence. This is
shown in Figure 7, where the Tirr values are reported as a function of (Happl)1/2 and the solid lines are
the best linear fit. This trend is generally observed in systems where the increase of Happl favors the
appearance of a ferromagnetic state, for instance, in re-entrant spin glasses [66]. In our samples, we
expect that the Fe-oxide moments align more and more on increasing Happl, producing a sort of mean
field that adds to Happl. This may account for the weaker dependence of Tirr on Happl, compared to the
AT line behavior. As regards the best fit lines in Figure 7, the slope is (−0.28 ± 0.01) K/Oe1/2 in both
samples and the intercept with the y-axis, which corresponds to Tirr for Happl = 0, is (34.3 ± 0.5) K for
MNP and (34.2 ± 0.4) K for AuMNP, i.e., is the same within the error. Hence, as far as the analysis of
the MZFC-FC curves is concerned, the two samples are seen to behave in a very similar way.

Figure 7. Dependence of the irreversibility temperature Tirr on (Happl)1/2 in MNP (a) and AuMNP (b).
The continuous black lines are the linear fitting curves.

The horizontal shift of the FC hysteresis loops, observed in both samples and quantitatively
expressed by the parameter Hshift (Figure 2c), recalls the exchange-bias effect observed in a FM/spin
glass system [32,35,67]. When this type of system is field-cooled across the freezing temperature, a
spin configuration of the glassy phase is selected through the interface exchange coupling with the FM
spins, which in turn favors the FM magnetization to be aligned in the FC direction (unidirectional
anisotropy). However, a shift of the FC loop has been also observed in canonical spin glasses, such as
the CuMn alloy [68]. The effect is explained considering the presence of chemical inhomogeneities
bearing net magnetic moments that freeze along a preferred direction induced by the FC process. Thus,
a unidirectional anisotropy arises, which manifests itself in the loop shift. In the case of MNP and
AuMNP, the presence of net magnetic moments is intrinsic to their SSG nature, and therefore, the
observation of the FC loop shift at T = 5 K is in full agreement with their glassy magnetic behavior.
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The pronounced non-saturating tendency of the hysteresis loops measured on MNP and AuMNP
at T = 5 K (Figure 2a) and the value of Keff (Table 1)—which, in both samples, is higher than the
magnetic anisotropy of bulk magnetite (1.1 × 105 ergs/cm3) and maghemite (5 × 104 erg/cm3)—are
consistent with the collective frozen state of the Fe-oxide moments, implying the existence of high
effective anisotropy energy barriers.

The inherent magnetic hardness of the frozen regime is the point on which MNP and AuMNP
show their main differences. In fact, Keff is definitely lower in AuMNP than in MNP and the same is
true for HC and HC_DCD and Hshift (Table 1). The higher initial susceptibility and the lower high-field
susceptibility revealed by the anhysteretic curve of AuMNP definitely confirm its reduced magnetic
hardness, compared to MNP (Figure 2b). This behavior must be necessarily ascribed to the presence
of the Au nanoparticles, which are substantially embedded in the Fe-oxide nanogranular matrix, as
shown by TEM (Figure 1d–f). In an ideal spin glass, all the atomic spins that compose the frozen
system are magnetically correlated, so as to give rise to a spatially infinite magnetic aggregate [5]. It is
to be expected that the same occurs in SSG systems, and therefore, we can schematically hypothesize
the existence of an infinite glassy correlation length in MNP. On the contrary, in AuMNP, the Au
nanoparticles tend to spatially confine the Fe-oxide phase, and their presence reduces the possibility
of direct contact between the magnetic nanocrystallites, hindering the super-exchange coupling and
weakening the dipolar magnetic interactions. In other words, in AuMNP, the Au nanoparticles act
so as to break the infinite magnetic aggregate, which implies a reduced correlation length, certainly
shorter than that in MNP. As a consequence, in AuMNP, the Fe-oxide moments are less firmly frozen
and react more easily to the external field, which is in agreement with the lower Keff and with the
overall softer magnetic behavior, compared to that of MNP.

Referring again to the MZFC-FC curves in Figure 4, the dip at very low temperature in the MFC

branch of the MNP sample is a feature that can be observed exclusively, but not necessarily, in spin
glasses and in SSG systems [69,70]. In AuMNP, you do not actually see it. Based on our description, we
infer that the appearance of this feature below Tirr is connected to the extension of the glassy correlation
length; namely, a slight decrease of the FC magnetic susceptibility in the glassy regime is the hint that
largely extended magnetic correlations between the frozen moments are established.

The different trend of M50kOe versus T in MNP and AuMNP (Figure 5) is also attributable to
the presence of the Au nanoparticles in the latter sample. In this type of measurement, the sample
is subjected to a field Happl = 50 kOe, which erases the low-temperature glassy state and favors the
ferromagnetic alignment of the magnetic moments. It is known that the thermal dependence of the
magnetization in a saturated ferromagnetic system is due to the collective excitation of the aligned
spins [71]. The presence of the Au nanoparticles in AuMNP may modify the spin vibrational modes,
compared to those active in MNP. In particular, the thermal dependence of the magnetization is weaker
in sample AuMNP, in which the spatial extension of the ferromagnetic order is limited due to the
Au nanoparticles.

5. Conclusions

We have studied and compared the magnetic behavior of the MNP and AuMNP samples. Both
samples possess a glassy magnetic nature. The passage from a high-temperature superparamagnetic
regime to a low-temperature SSG regime of the Fe-oxide moments has been revealed by the analysis of
the MZFC-FC versus T curves and by the observation of an aging effect at T = 5 K. The temperature Tirr,
which marks the onset of the freezing process, is similar in the two samples (~34 K, for Happl = 0) as
well as its dependence on Happl. However, the AuMNP sample is magnetically softer than MNP. This
effect has been ascribed to a reduction of the glassy correlation length of the Fe-oxide phase in AuMNP,
compared to that in MNP, imposed by the physical constraints represented by the Au nanoparticles.

These findings expand the basic knowledge on disordered magnetism phenomena and glassy
magnetic behavior in nanostructured systems, enlightening, in particular, the crucial role of the
magnetic correlation length.
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Abstract: A simple single pot sol–gel method is used to prepare ZnNiO nanoparticles at assorted Ni
doping levels, 1, 3, 7 and 10 wt.%. Structural and optical properties of nanoparticles are studied by
X-ray diffraction (XRD), UV–visible diffuse reflection spectroscopy (DRS), photoluminescence (PL)
measurements, scanning electron microscopy (SEM), μ-Raman and X-ray photoelectron-spectroscopy
(XPS). A single substitutional solid solution phase is detected in the wurtzite ZnNiO nanoparticles
at various doping levels. XRD peak splitting and shifting is ascribed to reduced wurtzite character
and presence of crystalline strain in nanoparticles at higher level of Ni doping. The Kubelka-Munk
function of DRS data reveals the presence of the Burstein-Moss effect in the optical absorption of
ZnNiO nanoparticles. Photoluminescence studies show intense UV-blue emission from ZnNiO
nanoparticles. The UV PL also exhibits the Burstein-Moss blue shift in the ZnNiO luminescence.
Raman analyses also confirms the wurtzite structure of ZnNiO nanoparticles; however, crystal
structural defects and bond stiffness increase with Ni doping. The optical and structural studies
presented in this work are pointing towards a multivalent Ni substitution in the nanoparticles.

Keywords: nanoparticles; sol-gel; Raman spectroscopy; UV-blue photoluminescence; ZnNiO;
Kubelka-Munk function; Burstein-Moss shift; substitutional doping

1. Introduction:

The presence of intense luminescence in diluted magnetic semiconductor (DMS) materials has
been a focus of current research interest owing to potential applications in spin-based all-optical
switching, opto-spintronics and opto-spin-based computation [1–6]. Fabrication of miniaturized
smart devices requires both better optoelectronic and magneto-opto-electronic efficiencies through
better incorporation of dopant in nanocrystalline ZnO-based DMS systems [7–11]. The metal
(TM) atom incorporation achieved from Ni doping materials in the ZnO lattice has been shown to
improvise the integration of both semiconducting and magnetic properties for efficient opto-spintronics
applications [12–16]. The success of TM ion doping in ZnO has been evident from observations of
room temperature ferromagnetic (FM) ordering in ZnO and Fe atom induced bandgap tuning proved
from the diffused reflectance spectroscopy of ZnFeO nanocrystals [17,18]. Moreover, novel phenomena
such as poloronic magneto-resistance (MR), superior surface catalysis and super-capacitive behaviors,
thermal activation of carriers, and lowering of electrical resistance are also expected in the ZnNiO
systems [19–22].
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It is crucial to better understand the mechanisms of incorporation of TM dopant in the host
lattice because opto-electronic and magneto-electronic properties significantly depend on the synthesis
methods used in preparation of TM doped ZnO nanoparticles [14,18,23]. Jlassi et al. estimated that
up to 2% Ni incorporation in ZnO prepared by spray pyrolysis technique can increase n-type carriers
through O-vacancy defects [20]. Meanwhile, the free carriers are less likely generated in the sol–gel
prepared ZnNiO due to large presence of interstitial Ni ions [24]. However, the single-pot sol–gel
synthesis of ZnNiO nanoparticles can give different results due to simultaneous formation of cationic
sub-lattice and higher photoluminescence yield can be expected due to presence of higher carrier
concentrations [8].

A successful incorporation of Ni dopant in the nanocrystalline ZnO particles can also make
them deployable in varisters, as battery electrode, as oxidative catalytic thin-films, super-capacitor
electrodes, and so on [25–28]. Additional synthesis-dependent variables, such as the level of oxygen
vacancies and higher dopant-to-dopant near-neighbor interactions, also play a significant role in the
enhancement of optoelectronic and opto-spintronic properties of TM doped metal oxides [13,18,29–31].
A steep decrease in ferromagnetic behavior of ZnNiO was observed on increasing the Ni concentrations
beyond 15% due to anti-ferromagnetic (AFM) ordering of Ni2+ ions [17,31].

On a similar note, Ni doping also brings significant changes in the ZnO’s crystal symmetry, local
chemical environments and charge transfer mechanisms in addition to disorder and local polarizability,
which are correspondingly proved from the XPS studies and the Raman scattering analysis [32,33].
Russo et al., using Raman analysis, successfully predicted presence of local structural strain in doped
ZnO nanoparticles [34]. Similarly, oxidation states of the as-incorporated Ni atom in ZnO host affect
carrier density, mobility and opto-spintronic transport processes. [35,36]. The XPS studies show that
Ni2+ ion replaces Zn2+ ion in the ZnO cationic sub-lattice [35,37]. Ni ions’ incorporation in ZnO
nanoparticles can produce large amounts of surface defects on the nanoparticle surface resulting
in the band gap tuning [33]. Fabbiyola et al. found that ≈5–20% Ni concentration reduces ZnO
nanoparticles’ size, causing a blue shift in the energy gap observed using optical absorption derived
from the Kubelka-Mulk’s function of DRS data [19].

Nevertheless, the functional aspects of doped ZnO ternaries, especially optoelectronic and
spintronic properties, depend not only on the type of synthesis method used but also on level of control
over dopant substitution in host-lattice [20,35,37–39]. It is very important to check the oxidation states
of the dopants incorporated in the host lattice to study the doping effects on the carrier density, mobility
and other transport and optical properties [40]. Oxidation states of the dopant may vary depending
on precursor composition, synthesis method, and annealing treatments [37]. Consequently, different
synthesis methods may give contradictory trends of free carrier concentration. Despite many reports
being available on TM atom doped ZnO powders, most of them fail to properly describe the effects of
dopant oxidation states on optical and structural changes [41]. Here, we attempt to investigate the
effects of Ni doping on optical and structural properties of ZnNiO nanoparticles.

In this report, we present a simpler method of ZnNiO nanoparticles synthesis using a single pot
sol–gel technique. Our choice of the Ni doping range is based on an observable optical absorption shift
owing to expected doping induced band structure modifications. It has been reported that significant
optical and structural variations are possible in ZnNiO nano-powders prepared by solid-state reaction
technique at 0%, 3%, 5%, 7% and 10% Ni doping levels [29]. Similarly, changes in optical processes in
ZnNiO nanoparticles have also been reported for Ni concentration in the range of 5%–20% [19]. In this
report, effects of dopant substitution are studied in respect to variations of structural, morphological
and optical traits of ZnNiO nanoparticles. Any enhancement in the UV-blue emission from ZnNiO
nanoparticles can bring a new functionality among the ZnO-based DMS materials. It would be
interesting to see the effects of Ni doping on the wurtzite symmetry of ZnNiO nanoparticles or presence
of any doping induced crystalline phase transformations. Moreover, the knowledge of chemical states
of dopant in the host lattice would be imperative in determining the mechanism of optical processes
such as Burstein-Moss shift vis-à-vis Ni doping percentage.
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2. Experimental Details

2.1. Synthesis of ZnNiO Nanoparticles

ZnNiO nanoparticles are prepared by single-pot sol–gel method, in which precursors like Nickel (II)
nitrate hexahydrate (Sigma-Aldrich, USA, 99.5% purity) and Zinc (II) acetate dihydrate (Sigma-Aldrich,
USA, 99.8% purity) are mixed in assorted molar ratios of Ni source, 1%, 3%, 7% and 10%. Isopropyl
alcohol (Sigma-Aldrich, 99.5% purity), is used as a solvent in the bath reactor. An aqueous stock
solution of zinc precursor (0.5 M), 3.5 g of Zn(II)·(CH3COO)2·2H2O powder, is first dissolved in 32 mL
of isopropyl alcohol to initiate the hydrolysis. Then assorted weights, 0.047 g, 0.14 g, 0.33 g and 0.47 g
of Ni precursor, Ni(II)·(NO3).6H2O, are correspondingly added to the respective Zn stock solutions
and the mixtures are stirred for 10 min at room temperature. Furthermore, a suitable rate of hydrolysis
is achieved by alkalization with drop-wisely addition of 1.3 mL of mono ethanolamine (MEA) in the
solution. Throughout the ZnNiO synthesis, the molar ratio between isopropyl alcohol, zinc precursor
and MEA is kept constant ≈200:10:1. Afterwards, the temperature of the solution is raised to 60 ◦C with
continuous stirring for 2 h to complete the alcoholic condensation reaction, and finally a gel is obtained
in the form of a fine white colored powder. The obtained gel is dried for 1 h at 250 ◦C temperature in
the oven leading to water and alcohol evaporation and subsequently calcined in air at 600 ◦C for 5 h.
For the assorted weight percentages of Ni, 1% to 10%, different colors of ZnNiO powders are obtained
ranging from off-white to grayish-white with respect to increasing Ni concentration.

2.2. Characterization of ZnNiO Nanoparticles

XRD technique is employed for structure examination of as-prepared ZnNiO in powder form.
Powder X-ray diffractometer (Ultima-4, Rigaku, Japan) is used for XRD analysis of powdered samples.
XRD measurements are obtained in a 2θ range from 20◦–80◦ using CuKα (λ = 1.5406 Å) radiation source.
Evaluation of microstructure and morphology of ZnNiO powders is performed using high-resolution
scanning electron microscope (JSM-7600F, Jeol, Japan) and recorded at 100,000× and 25,000× scan
magnifications. XPS technique is used to quantitatively probe chemical species and oxidation states.
Mg-kα radiation (1253.6 eV) radiation source is used in XPS instrument (ESCA-II, Omicron, Germany)
to record spectra at 0.05 eV spectral resolution and at 50-μm X-ray beam spot-size. Raman Spectroscopy,
a useful method for understanding lattice vibration energies, is used to study characteristic and
disorder phonons present in nanoparticles. Raman spectra are recorded in confocal Raman microscope
(Horiba spectrometer, Labram HR Evolution, France) at ultra-low frequency compatible scans in 50 to
800 cm−1 range using the 633 nm He-Ne laser excitation source. Diffusion reflectance spectroscopy is
performed in spectral range of 190-1100nm at ±0.5 nm spectral accuracy using the UV-Vis spectrometer
(UV1800, Shimadzu, Japan). The DRS data is collected on pelleted ZnNiO powders hydraulically
pressed at 3.5-tons pressure. Photoluminescence (PL) measurements are also performed in the Horiba
Labram PL spectrophotometer using 325 nm He-Cd laser excitation source.

3. Results and Discussion

XRD patterns of ZnNiO powders are shown in Figure 1a. For the sake of clarity, a vertical offset of
XRD patterns with Ni doping is shown in the figure. All samples exhibit characteristic ZnO peaks at
(100), (200) and (101) XRD reflections confirming the wurtzite structure of ZnNiO. Additionally, the
sharper and more intense nature of XRD peaks at lower Ni concentrations indicates a strong wurtzite
character of ZnNiO nanoparticles. However, on further doping, the XRD peaks become broader and
less intense, indicating decay in the wurtzite character. Nonetheless, the wurtzite structure remains a
dominant phase, during compositional variation of ZnNiO nanoparticles, indicating a substitutional
solid solution formation. Furthermore, absence of any new XRD peaks on Ni doping implies absence
of secondary structural phases. Nevertheless, upon careful examination of the XRD patterns, the XRD
peaks are found to be dividing into a doublet peak structure; a smaller XRD peak originates nearby
each major XRD peak, reflecting a systematic development of structural changes in ZnNiO at higher
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Ni doping. The observation is further clarified from the XRD peak profiles of 101-reflections plotted
in Figure 1b, which clearly show shifted and less intense peaks, reflecting a decay in the wurtzite
nature of ZnNiO. The (101)-peak becomes a clear doublet peak at 10% Ni content, Δ2θ ≈ 0.61 for
ZnNiO-10, apparently indicating reduction in wurtzite symmetry or a weaker lattice strain induced
zinc-blende symmetry at higher doping. The nano phase ZnNiO has already been reported to grow in
both wurtzite and zinc-blende metastable phases owing to similarity in their anionic coordination [17].
During the doublet development on doping, as shown in Figure 1b, the lower peak at 2θ ≈ 35.5◦ can
best be attributed to a weaker zinc-Blend symmetry of ZnNiO nanoparticles. Herewith, we reject the
possibility of any secondary oxide phase formation on doping in the light of absence of NiO’s XRD
peaks. It should be noted that NiO crystals typically adopt hexoctahedral cubic system (XRD card
number: RRUFFID-R080121 [42]) and a major XRD reflection of NiO (111) is positioned at 2θ ≈ 37.45.
The XRD peaks related to NiO cubic phase are completely absent in the ZnNiO XRD patterns at all
doping levels implying absence of new phases. Moreover, the XRD peak shift value of Δ2θ in the
present studies can be best ascribed either to uniform crystalline strains present in ZnNiO lattice as a
result of ionic radii mismatch between Zn2+ (0.74 Å) and Ni2+ ions (0.69 Å) or to reduced symmetry
defects in the crystal structure [20]. The results of the observed crystalline strain behavior in ZnNiO
nanocrystals are also summarized in Table 1. Typically, the strain increases in ZnNiO nanoparticles
with increasing Ni, and its behavior agrees very well with the increase in unit cell volume.

Table 1. Summary of structural properties present in the assorted samples ZnNiO powders calculated
by XRD data fitting. Columns from left represent Ni content (weight percentage), average crystallite
size (D) in nanometers (nm), lattice constants (a, c) and their ratio (c/a), bulk strain (Δd/d) present in
ZnNiO nanoparticles and their unit cell volume (V).

Doping-Percent D, nm a, Å c, Å c/a Strain V, Å3

1% 29.8 ± 1.57 3.23 ± 0.01 5.22 ± 0.01 1.600 ± 0.01 0.19 47.99

3% 32.2 ± 2.41 3.23 ± 0.01 5.21 ± 0.01 1.597 ± 0.01 0.01 47.88

7% 18.1 ± 1.37 3.28 ± 0.02 5.22 ± 0.02 1.594 ± 0.01 0.36 48.57

10% 14.1 ± 0.80 3.30 ± 0.02 5.24 ± 0.04 1.586 ± 0.02 0.68 49.54

Crystallite size (D) for nanoparticles in spherical approximation can be easily calculated by
measuring the (101)-peak broadening (β) and applying Scherrer’s formula, D = K/β, where constant
K depends on the x-ray source and θ-position of the peak used [43]. The Scherrer’s particle sizes for
ZnNiO nanoparticles are summarized in Table 1. ZnNiO particle sizes were found to systematically
decrease from 32 to 14 nm with increasing Ni concentration, as shown in the table. The lower
nanoparticle size at higher Ni doping also indicates higher doping related defects affecting the growth
of crystallites. Lattice parameters and unit cell volume of ZnNiO were also found to be increasing with
Ni content in nanoparticles, as shown in Table 1. Change in the unit cell volume can also be ascribed to
the presence of uniform crystalline strain and difference in the ionic radii of the substituted Ni ions in
comparison to Zn2+ cations [43].

Electron microscopic images of ZnNiO nanoparticles with different Ni ion concentrations are
shown in Figures 2 and 3 at 25,000× and 100,000×magnifications, respectively. In the wider area scan of
Figure 2, a surface morphology consisting of nanoparticles is distinctively apparent within the rounded
shaped regions of larger agglomerations. Moreover, uniformly distributed nanoparticulate morphology
is also obvious among all the sol–gel prepared ZnNiO powders. The clusters are characteristically
formed in comparable sizes and shapes, which confirms a uniform sol–gel procedure is adopted during
the ZnNiO syntheses. SEM images for ZnNiO samples with higher magnification scanning are shown
in Figure 3, depicting a granular morphology of nanoparticles. The grains are seemingly hexagonally
faceted, indicating conservation of wurtzite structure of ZnNiO during Ni doping. Sharply hexagonally
faceted grains can even be observed for nanoparticles at 3% and 7% Ni doping percentages. The
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higher magnification electron microscopy confirms the identical nature of as-formed grain sizes, along
with uniform size distributions among all samples. Comparatively higher porosity and intragranular
spacing is observed in the granular morphology of ZnNiO with lower Ni content—1%. On increasing
Ni content in remaining ZnNiO samples, the particle sizes remain constant at ≈52 nm; nonetheless, the
morphological compactness increases along with reduction in the intragranular voids.
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Figure 1. (a) XRD patterns of ZnNiO nanoparticles are presented in vertically aligned mode in
increasing doping percentages. The Ni doping increases in samples ZnNiO-1, -3, -7 and -10. Asterix
sign (*) shows the standard ZnO’s XRD pattern and its (hkl) reflection positions as adopted from the
XRD card, RRUFFID-R050492. (b) shows (101) -peak profiles of most intense XRD reflection in ZnNiO
indicating a 2θ shift upon doping and a gradual development of 101-doublet peaks.
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Figure 2. SEM images recorded at 25,000× magnification showing surface morphology of ZnNiO
powders at 1%, 3%, 7% and 10% Ni doping percentages. The white colored bar-scale in the bottom of
each image represents 1 μm.

Figure 3. SEM images recorded at higher magnifications (100,000×) showing the granular morphology
of ZnNiO powders at 1%, 3%, 7% and 10% doping percentages. The white colored bar-scale in the
bottom of each image represents 100 nm.

148



Materials 2020, 13, 879

Optical absorption properties and electronic bandgap are determined using a straight-line fit
on Kubelka-Munk function calculated from the diffused reflectance data. The DRS data, as shown
in Figure 4a, is plotted in the UV-Vis range for ZnNiO nanoparticles with vertically decreasing Ni
concentration. The DR values recorded at different compositions of ZnNiO show a rapid decrease at
wavelengths lower than 400 nm. The observed reflectance feature is the most common feature among
ZnNiO nanoparticles in UV light range due to fundamental absorption onset involving opto-electronic
transition from valance band (VB) to conduction band (CB) [1,44]. In general, the optical reflectivity
gradually decreases with Ni doping owing to an upsurge in the dopant related internal light scattering
events [19]. Indeed, the Ni doping-induced increase in bond-polarizability in ZnNiO can also lead to
higher internal light scattering and low DRS intensity [45,46].
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Figure 4. (a) The UV-VIS diffuse reflectance spectra for ZnNiO pellets are vertically stacked and plotted
in the increasing Ni doping order. The doping percentages in samples, ZnNiO-1, -3, -7 and -10%, are
correspondingly plotted in black, green, red and blue colored spectral lines. (b) Kubelka-Munk fittings
of the DRS are plotted in the right-hand side figure.

The Kubelka-Munk (KM) function, F(R) = K
S = (1−R)2/2R; where K, S and R denote absorption,

scattering and reflection coefficients, respectively, is a direct measure of the absorbance from the
sample’s reflectivity data. The KM function of the diffused reflection spectrum can be used in the
calculation of electronic bandgap using the onset of the fundamental absorption edge [47]. The function
[(F(R)×hν]2, which is a direct measure of the absorbance in the material, is plotted with respect to the
photon energy (hν, eV) in Figure 4b. A straight-line fit is performed in a linear region of the KM function
and extrapolated to baseline absorbance on the hν-axis to find the Tauc’s optical bandgap, as shown in
the figure. A slightly blue-shifted bandgap (Δ ≈ 0.1 eV) is observed in ZnNiO-7 and -10 samples in
comparison to the ZnNiO-1 and -3 samples. The bandgaps in the latter two samples with lower Ni
concentrations are closer to the reported band gap (~3.1 eV) of standard ZnO [20]. A small blue shift of
~0.1 eV observed with Ni doping is understandably not related to quantum size confinement effects
owing to non-variance of ZnNiO particle sizes during Ni doping. Fabbiyola et al., have attributed
enhancements in the KM function in ZnNiO to Ni doping due to the formation of surface states
which significantly increase the optical absorption [19]. However, we believe the increased F(R) in
this study is due to doping induced Burstein-Moss effect. In comparison to bivalent dopant (Ni2+)
substitution, the trivalent dopant (Ni3+) substitution in the ZnO lattice replacing the divalent Zn2+ has
been reported to provide an additional electron for conduction [47]. The Ni atom donating electrons to
the conduction band suggestively increase the Fermi level and itinerant related absorption toward
the higher energy [48]. Moreover, the KM function value in the UV-blue region is typically higher for
ZnNiO with higher Ni doping, and that also indicates an increase in the overall number of optical
absorption processes. Furthermore, the Ni doping-related increase in ZnNiO bandgap has also been
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ascribed to increase in excitonic density and excitonic mediated optical transitions resulting in highly
diffused nature of DRS [49].

A possible mechanism of the Burstein-Moss-mediated optical absorption process is depicted in
Figure 5 (right), illustrating itinerant related optical absorption and electron transfer from the trivalent
dopant (Ni3+) to the conduction band (CB) resulting in upshifting of the Fermi-level. Our XPS studies,
which are discussed later in the manuscript, also indicate presence of trivalent Ni doping. Thus, the
trivalent substitution of Ni atom in the inherently divalent cationic sub-lattice of Zn2+ ions could give
electron donating character to nickel atom resulting in the higher carrier concentration effectively
lifting the Fermi energy position in the band structure. While the electron transfer is proscribed in the
divalent Ni substitution, as shown in Figure 5 (left).

Figure 5. Optical transition processes taking place differently in ZnNiO nanoparticles with l% and 10%
Ni doping levels. Higher Kubelka-Munk function values F(R) are expected in UV-blue region for the
optical transition shown in right-side schematic of the figure.

To study the intrinsic and extrinsic defects, photoluminescence (PL) spectroscopy was carried out.
Figure 6 shows room temperature PL spectra of ZnNiO nanoparticles excited at 325 nm. It can be seen
from the pure ZnO (reference sample) that the PL spectra are mainly comprised of UV emission peaks
at 3.34 eV (370 nm) followed by a high-intensity broad visible band with multiple sub-peaks in the
range of 2.1–2.75 eV (450–590 nm). The UV emission is attributed to the recombination of free excitons
in the near band edge (NBE) of ZnO, whereas the visible band is generally interpreted as the reason for
the defects [8,50–53]. Meanwhile, the origins of different visible emissions are still not fully assumed
and different controversial hypotheses have been offered [8,50–53]. In our case, the emission features
at 2.43 eV (510 nm) and 2.21 eV (560 nm) are related to antisite oxide (OZn) and to transmission from
conduction band to vacancy, respectively.

It is shown in Figure 6a that with Ni incorporation, the UV emission intensity typically increases
and is shifted to the higher energy, while the intensities of the visible peaks decreases. The results show
that Ni doping increases the electron concentration, and that there is a concomitant decrease in the OZn
and vacancy defects. On the other hand, additional broad band emissions start becoming apparent at
low energy (1.8–2.2 eV) in ZnNiO samples. The broad band is deconvoluted for two different peaks,
as shown in Figure 6b. The emission peak at 2.04 eV (607 nm) corresponds to Ni-related defects, and
the peaks at 2.13 eV (582 nm) correspond to donor–acceptor pair recombination [52]. For more details,
Figure 6c shows changes in the integrated PL intensity of the UV band (IUV), the wide defect-related
band (Idef) and the relative PL peak intensities ratio R (IUV/Idef). From our PL observation, it is evident
that Ni doping results in enhancement of luminescence arising in the UV band. Meanwhile, the wide
defect-related band decreases in comparison to that of the pure ZnO luminescence, as observed in the
same plot. Furthermore, the intensity ratio R increases with increasing Ni content and gets saturated at
7% and 10% Ni concentration, showing higher enhancement of UV emission. It is interesting to note
that the UV emission is also blue-shifted when the Ni concentration increases from 1% to 10% due to
the Burstein-Moss effect [8]. The electron-doped ZnNiO with a high concentration of n-type states
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populated within the conduction band moves the Fermi level to higher energies. The filling of the
conduction band by electrons will generally result in a blue shift [8].
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Figure 6. (a) Room temperature PL spectra of ZnNiO nanoparticles. (b) PL spectra of 10% ZnNiO
along with the Gaussian fit. Luminescence arising from the pure bulk ZnO is shown as a reference. (c)
Integrated PL intensity of the UV band (IUV), the wide defect related band (Idef) and relative PL peak
intensities ratio R (IUV/Idef) vs Ni concentration.

Raman analysis is very useful for finding Ni2+ doping-related changes in ZnNiO crystalline
structure, such as the formation of structural disorders, presence of vacancies, or defects in host
lattice [32,33]. The host ZnO has a wurtzite structure belonging to P63mc space group symmetry [54].
Eight active normal vibrational modes are present in the wurtzite ZnO comprising of two acoustic
modes and six optical modes, of which four optical modes are Raman active [55]. Before explaining
the Raman spectra of ZnNiO, a brief description of expected vibrational modes is required. The major
Raman modes of ZnO, in Group theory’s Mulliken notations, are A1, 2E2 and E1. The A1 mode is
symmetric to principal rotation axis (c-axis) and shows a mode split in the form of A1(TO) and A1(LO)
modes relative to transverse and longitudinal one-dimensional atomic vibration. The split is due to the
macroscopic electric field of LO vibration increasing the restoring force and stiffness of the bond, thus
increasing the split A1 mode’s energy. Similarly, the two-dimensional E1 mode is perpendicular to the
c-axis, with displacements of the O- and Zn sub-lattices also showing polarity-induced stiffness and
manifesting in the E1 mode’s LO/TO splitting. However, the E2 mode is asymmetric on the c-axis and
the polarity-induced macroscopic field can be easily cancelled out due to asymmetric motion of the
sub-lattices. Hence, the LO/TO splits do not take place and the mode remains non-polar. Nevertheless,
the E2 mode further shows two components, low (E2L) and high (E2H) energy modes due to atomic
mass difference between the Zn and O atoms. Additionally, some higher-order difference modes
and surface phonon modes are also expected in wurtzite ZnO. The usual Raman modes are often
reported in the literature for the wurtzite phase of ZnO: E2L-E2H, A1(TO), E2H, surface phonons and
A1(LO) [33,34]. Raman spectra recorded for ZnNiO samples are shown in Figure 7 and all the usual
Raman peaks are appropriately marked. The positions of the marked Raman peaks in ZnNiO are
generally in agreement with the available literature [30,33,34]. The presence of all the expected Raman
modes in the figure indicates conservation of wurtzite phase in ZnNiO.

The highest intensity E2H mode, related to two-dimensional doubly degenerate vibrations of
O-atoms, is very sensitive to internal stresses [34]. Ni doping has been reported to introduce new
stresses and disorder in the cationic sub-lattice reducing the overall wurtzite symmetry of ZnNiO [30,33].
Ni doping can also distort the local charge distributions in cationic sub-lattice leading to reduction
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in bond polarizability and reduced Raman intensity. E2H mode intensity in ZnNiO is found to be
reduced by ≈50% at 7% and 10% Ni content in comparison to other compositions. The reduced Raman
intensity indicates introduction of internal stresses in material as a result of doping. Both the Raman
analysis and the XRD structural analysis point towards the presence of higher stress in ZnNiO samples.
Moreover, doping-induced stress is also expected in ZnNiO samples because of the possibility of
differences in dopants’ radii of Ni2+ and Ni3+ ions [56].
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Figure 7. Room temperature micro Raman spectra for ZnNiO nanoparticles recorded in the confocal
mode. Vertical lines show the positions of different normal modes of Raman vibrations. Ni content
in the ZnNiO samples are written by Ni-1%, -3%, -7% and -10%, respectively, and the corresponding
Raman spectra are plotted in blue, green, red and black colors.

The Raman modes, A1(TO) and A1(LO), are positioned at 380 and 550 cm−1, respectively, and
according to the Lyddane–Sachs–Teller (LST) rule the mode positions indicate the ionic character of
ZnNiO [34,57]. The LST rule explains that the square of the ratio of LO and TO frequencies in the ionic
lattice should be equal to ratio of static (8.5 for ZnO) to optical (4.1 for ZnO) dielectric constants. The
A1(TO) and A1(LO) modes are also found to shift to higher frequencies with increasing Ni content
in ZnO samples. The modes involve symmetric vibration of both Zn and O sub-lattices, and they
are sensitive to the presence of Ni atoms in Zn sub-lattice. The ionic radii of Ni ions in octahedron
coordination are 0.69 Å, 0.56 Å, and 0.48 Å for Ni2+, Ni3+ and Ni4+ ions, which are lower in size
than Zn2+, 0.74 Å. Low ionic radii cause a reduced distance in between the two sub-lattices and that
increases the force constant of bond and vibration frequency. The intensity of A1(LO) mode was found
to increase with Ni doping, which can be ascribed to the involvement of O-atoms only in the vibration,
while the presence of vacancies can increase the mode intensity due to the change in bond polarizability.

The E2 overtone and difference modes arise at different positions due to higher-order 2E2L and
difference E2H-E2L modes at peak positions 200 cm−1 and 330 cm−1, respectively. Disorder modes are
also present in the nanoparticles, as is clear from Figure 7, at 530 cm−1, indicating the presence of either
higher surface disorder, defect density or non-uniform strain, especially at 7% and 10% Ni doping
percentages. The disorder modes have often been described as originating from the doping related
structural defects and that results in manifestation of several broader line width phonons in doped
ZnO [34].
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XPS spectra for Ni2p, O1s and Zn2p photoelectron binding energies (BE) in ZnNiO nanoparticles
are shown in Figures 8–10, respectively, for assorted Ni doping concentrations. The Ni2p spectrum
shows a general feature of two distinct XPS peaks at BE values of 854.3 eV and 873.3 eV for Ni2+

oxidation state and correspondingly related to 3/2 and 1/2 spin-split components of Ni2p electrons.
Excluding the ZnNiO with 1% doping level, the Ni2p XPS peaks, as shown in Figure 8, exhibit a
general feature of blue shifted binding energy and XPS peak broadening. Typically, the BE shift
increases with doping of ZnNiO, and the BE energy is blue shifted to 856.1 eV at the 10% Ni doping
level, indicating the presence of both Ni2+ and Ni3+ oxidation states. A difference of ≈2.7 eV has
been reported previously in between the Ni2+ and Ni3+ oxidation states [58]. The Ni2p BE blue shift
(−1.8 eV) indicates the presence of the additional Ni3+ oxidation state. Thus, the Ni2p XPS results
directly point towards substitution of multivalent Ni dopants, both Ni2+ as well as Ni3+, in ZnNiO
nanoparticles, especially in the ZnNiO-10 sample. Conversely, in the 1% Ni doped sample, ZnNiO-1,
should only have the divalent Ni doping because of the absence of the BE shift. The aforementioned
Burstein-Moss blue shifts can also be easily explained by using the observation of Ni3+ oxidation states
in the ZnNiO-10 sample; the Ni atom is indeed behaving as a donor atom in ZnNiO nanoparticles at
higher doping percentages ≥7%.
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Figure 8. High-resolution XPS spectra are plotted for the Ni2p photoelectrons. XPS is recorded for the
ZnNiO samples containing 1%, 3%, 7% and 10% Ni weight percentages.

A deconvolution of the XPS peak of O1s electrons in ZnNiO nanoparticles shows two peaks; the
first peak is indicative of the native oxygen, and the second deconvoluted peak positioned at 532.5 eV
is related to the oxygen defects [58]. Indeed, the oxygen defects are found to increase at higher Ni
doping, since the second O1s peak, as shown in Figure 9, becomes larger in area with doping, and
that is also indicative of the formation of more oxygen defects due to Ni3+ substitution in the Zn2+

cationic sub-lattice. At higher Ni doping, the XPS spectra of the Zn2p binding energy, see Figure 10,
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show relatively little change in the positions 1023 eV and 1046 eV of both types of 2p electrons of Zn
ion. The Zn2+ oxidation state remains invariant to the doping.
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Figure 9. XPS recorded for the ZnNiO samples containing 1%, 3%, 7% and 10% Ni weight percentages.
High-resolution XPS spectra are plotted for the O1s photoelectrons.
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Figure 10. XPS recorded for the ZnNiO samples containing 1%, 3%, 7% and 10% Ni weight percentages.
High-resolution XPS spectra are plotted for the Zn2p photoelectrons.

4. Conclusions

A simple sol–gel method is used to prepare ZnNiO nanoparticles at assorted doping levels by
increasing the Ni concentration to 10%. The dopant concentration was clearly found to significantly
affect optical and structural properties of ZnNiO nanoparticles. XRD results indicate a substitutional
solid solution phase among the ternary nanoparticles. No impurity phase is detected at all the
assorted Ni doping percentages and all the observed XRD reflections can only be ascribed to wurtzite
structural phase of ZnNiO. However, reduced structural symmetry, crystal strain and structural defects
are detected during the XRD analysis of ZnNiO nanoparticles. XRD peak-shifting and -splitting
become clear at higher Ni doping levels >7% and are attributed to the presence of crystal strain.
Furthermore, the doping related decrease in Scherrer’s particle size from 32 nm to 14 nm is also
noted in ZnNiO nanoparticles. Spherical nanoparticle morphology is observed in SEM imaging with
larger agglomerations of ZnNiO nanoparticles (≈52 nm) forming bigger clusters at higher doping.
Kubelka-Munk function F(R) calculated from the DRS data is used to find the fundamental optical
absorption onset. A small Burstein-Moss shift ≈0.1eV is observed in the linear-fit of KM function,
which is credited to electrons transferred from the Ni dopant to the ZnNiO conduction band. Similarly,
PL studies reveal intense UV luminescence in ZnNiO nanoparticles in comparison to pure ZnO, and
the UV PL emission peak is also found to be blue-shifted ~0.15 eV with 10% Ni doping, further
corroborating the Burstein-Moss effect. Raman analyses show a complete agreement with XRD
structural studies. Doping-induced reduction in the Raman peak intensity of E-mode indicates a
gradual decay of wurtzite character of ZnNiO nanoparticles. Additionally, polar Raman modes exhibit
Ni doping related increased bond stiffness indicating presence of crystal strain in ZnNiO nanoparticles.
Several disorder Raman modes are also observed in ZnNiO nanoparticles, confirming the presence
of structural defects. Lastly, XPS studies show the presence of both Ni2+ and Ni3+ oxidation states
at higher Ni doping. In this report, we have unequivocally shown the importance of multivalent Ni
dopant states in the observed optical and structural changes of ZnNiO nanoparticles.
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Abstract: Phase-separated semiconductors containing magnetic nanostructures are relevant systems
for the realization of high-density recording media. Here, the controlled strain engineering of
GaδFeN layers with FeyN embedded nanocrystals (NCs) via AlxGa1−xN buffers with different Al
concentration 0 < xAl < 41% is presented. Through the addition of Al to the buffer, the formation of
predominantly prolate-shaped ε-Fe3N NCs takes place. Already at an Al concentration xAl ≈ 5% the
structural properties—phase, shape, orientation—as well as the spatial distribution of the embedded
NCs are modified in comparison to those grown on a GaN buffer. Although the magnetic easy axis
of the cubic γ’-GayFe4−yN nanocrystals in the layer on the xAl = 0% buffer lies in-plane, the easy
axis of the ε-Fe3N NCs in all samples with AlxGa1−xN buffers coincides with the [0001] growth
direction, leading to a sizeable out-of-plane magnetic anisotropy and opening wide perspectives for
perpendicular recording based on nitride-based magnetic nanocrystals.

Keywords: magnetic anisotropy; iron nitrides; III-nitrides; nanocrystals

1. Introduction

Iron nitrides (FeyN) have been widely studied for half a century due to their outstanding physical
properties [1–7] and their application in magnetic recording media [4]. Particularly relevant are the high
spin polarization and high Curie temperature (TC) ferromagnetic compounds ε-Fe3N with reported
TC = 575 K [5], and γ’-Fe4N with TC = 767 K [6–8]. Their implementation in combination with GaN
into heterostructures is expected to serve for spin injection devices [9–11].

In this respect, the controlled fabrication of planar arrays of ferromagnetic γ’-GayFe4−yN
nanocrystals (NCs) embedded in a GaN matrix resulting from the epitaxy of GaδFeN layers, and whose
size, shape and density can be adjusted through the fabrication conditions [12,13], becomes appealing
for the realization of spin injection. The incorporation of Ga ions into the γ’-GayFe4−yN NCs is expected
to allow tuning the magnetic properties of the embedded NCs from ferromagnetic to ferrimagnetic [14]
and weakly antiferromagnetic [15], opening wide perspectives for the implementation of these
material systems into the field of antiferromagnetic spintronics [16]. The structural, magnetic and
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transport properties of thin GaδFeN layers deposited onto GaN buffers grown on c-sapphire (Al2O3)
have been already studied in detail [12,13,17–19]. It was demonstrated that in GaδFeN layers, the
face-centered cubic γ’-GayFe4−yN nanocrystals have a preferential epitaxial relation [001]NC‖[0001]GaN
and 〈 110 〉NC ‖ 〈111̄0〉GaN, with a minimal fraction of NCs aligned according to 〈111〉NC‖〈0001〉GaN
and adjusting to the hexagonal symmetry of the matrix. Co-doping with Mn leads to the reduction of
the NCs size and to a quenching of the overall superparamagnetic character of the layers [18]. Recently,
in ordered γ’-GayFe4−yN nanocrystal arrays embedded in GaN, the transport of a spin-polarized
current at temperatures below 10 K and an anisotropic magnetoresistance at room-temperature [19]
larger than that previously observed for γ’-Fe4N thin layers [20], were observed.

Further control over these embedded magnetic NCs can be achieved with the modification of their
magnetic anisotropy through stress, by incorporating Al into the GaN buffer. The strain energies and
piezoelectric effects at the GaN/AlxGa1−xN interface are expected to alter the formation energies and
thermodynamic equilibrium conditions of the nanocrystals. In this way, size and shape engineering and
the modification of the magnetic anisotropy energy are expected to generate a switchable out-of-plane
magnetic anisotropy in the nanocrystals.

In this work, the effect of strain, induced by adding Al to the GaN buffer—i.e.,
in GaδFeN/AlxGa1−xN (0 < xAl < 41%) heterostructures—on the structural and magnetic properties
of the Fe-rich nanocrystals embedded in GaδFeN thin layers is investigated. It is observed that already
5% of Al added to the GaN buffer layer modifies not only the structural properties—phase, shape, size
and orientation—of the NCs in comparison to those grown on a pure GaN buffer, but it also leads to a
sizeable out-of-plane magnetic anisotropy. Through the addition of Al into the buffer layer, additionally
to the γ’-GayFe4−yN NCs, the formation of ε-Fe3N NCs is promoted. The crystallographic orientation
and the distribution of the two phases in the GaN matrix point at the formation of ordered hexagonal
ε-Fe3N NCs elongated along the growth direction as the origin of the observed magnetic anisotropy.

2. Experimental Details

The layers considered in this work are grown in a metalorganic vapor phase epitaxy (MOVPE)
Aixtron 200X horizontal reactor system (Aixtron, Achen, Germany) on c-plane [0001] Al2O3 substrates
using trimethylgallium (TMGa), trimethylaluminium (TMAl), ammonia (NH3) and ferrocene (Cp2Fe)
as precursors. The 1μm AlxGa1−xN buffers are deposited at 1000 ◦C on a 50 nm low-temperature
(540 ◦C) AlxGa1−xN nucleation layer annealed at 1000 ◦C. The Al concentration xAl is varied between
0% and 41% over the sample series by adjusting the Ga/Al ratio for the growth of the buffer layer.

After deposition of the AlxGa1−xN buffers, a 60 nm thick GaδFeN layer is grown at 810 ◦C
following the δ-like procedure described in detail in Ref. [12] for GaδFeN fabricated onto GaN.
The GaδFeN layers are covered by a nominally 20 nm thin GaN capping layer to avoid the segregation
to the sample surface of α-Fe upon cooling [19,21]. A schematic representation of the samples is
reproduced in Figure 1a.

Information on the layers’ structure, on xAl and on the nanocrystals’ phases is obtained by
high-resolution X-ray diffraction (HRXRD) carried out in a PANalytical X’Pert Pro Material Research
Diffractometer (Malvern Panalytical, Nürnberg, Germany). The measurements have been performed
in a configuration that includes a hybrid monochromator equipped with a 0.25◦ divergence slit,
a PixCel detector using 19 channels for detection and a 11.2 mm anti-scatter slit. Rocking-curves
acquired along the [0001] growth direction are employed to analyze the overall layer structure and
the nanocrystals’ crystallographic phase. From the integral breadth β of the (000l) symmetric and of
the (202̄4) asymmetric diffraction planes, an estimation of the dislocation density in the AlxGa1−xN
buffer layers is obtained according to the procedure described by Moram et al. [22]. Reciprocal
space maps (RSM) of the asymmetric (101̄5) diffraction plane allow obtaining directly the in-plane
a and out-of-plane c lattice parameters of the AlxGa1−xN buffer and of the GaδFeN layers, as well
as information on the strain state of the GaδFeN layers. The xAl is then calculated from the lattice
parameters by applying the Vegard’s law [23].
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Figure 1. (a): Architecture of the investigated samples. Cross-section TEM micrographs of the
samples grown (b,c): on GaN, and (e,f): on Al0.41Ga0.59N buffers, showing the embedded nanocrystals
distributed in the GaδFeN layer. (d,g): Plan-view TEM images of the two samples, revealing an
increased dislocation network for the layer grown on the Al0.41Ga0.59N buffer with respect to the layer
grown on GaN.

The structural characterization has been completed by transmission electron microscopy (TEM)
imaging using a JEOL JEM-2200FS TEM microscope (Jeol, Tokyo, Japan) operated at 200 kV in
high-resolution imaging (HRTEM) mode. The TEM specimens are prepared in cross-section and
plan-view by a conventional procedure including mechanical polishing followed by Ar+ milling.
The prepared samples are plasma cleaned before being inserted into the TEM. The elemental analysis
is performed via energy dispersive X-ray spectroscopy (EDX) of the specimens while measuring the
samples in scanning TEM mode (STEM).

The magnetic properties are investigated in a Quantum Design superconducting quantum
interference device (SQUID) MPMS-XL magnetometer (Quantum Design, Darmstadt, Germany)
equipped with a low field option at magnetic fields H up to 70 kOe in the temperature range between
2 K and 400 K. The samples are measured in perpendicular and in-plane orientation. The dominant
diamagnetic response of the sapphire substrate is compensated by employing a recently developed
method for the in situ compensation of the substrate signals in integral magnetometers [24]. For the
magnetothermal properties, measurements are performed at weak static magnetic fields following
the typically employed sequence of measurements: zero-field-cooled (ZFC), field-cooled (FC), and at
remanence (TRM). Both ZFC and FC measurements are carried out at H = 100 Oe. Moreover, since the
experimental magnetic signals are in the order of 10−5 emu, all magnetic measurements are carried out
by strictly observing an experimental protocol for minute signals [25] elaborated to eliminate artifacts
and to overcome limitations associated with integral SQUID magnetometry [26].

3. Results and Discussion

3.1. Structural Properties

The main structural differences between the GaδFeN layers grown on GaN and those deposited
on the AlxGa1−xN buffers are summarized in Figure 1, where the overall sample structure, including
TEM cross-section and plan-view images for the reference sample (xAl = 0%) and for the sample with
the highest Al concentration xAl = 41% are reported. A comparison between the overview cross-section
images presented in Figure 1b,e reveals a dislocation density in the Al0.41Ga0.59N buffer larger than the
one in GaN, affecting the nanocrystal distribution in the GaδFeN overlayer. As a consequence, the NCs
are not all localized in one plane like those embedded in the layer grown on GaN, as demonstrated in
the TEM micrographs reproduced in Figure 1c,f. It is further observed that the majority of the NCs

163



Materials 2020, 13, 3294

in the GaδFeN/Al0.41Ga0.59N sample form at the end of dislocations propagating from the buffer,
in contrast to the NCs in the layer grown on GaN, which are embedded in the GaδFeN matrix volume.
This is visualized in the plan-view images presented in Figure 1d,g, where NCs with a round-shaped
contour, distributed homogeneously in the plane with an average distance of (20–100) nm between
nanocrystals, are observed. The NCs density increases from (5.0 ± 0.2)×109 NCs/cm2 for the reference
sample to (5.0 ± 0.3)×1010 NCs/cm2 for the sample grown on the Al0.41Ga0.59N buffer. Besides an
increased NC density, there is a complex dislocation network connecting the NCs observed for the
GaδFeN layer grown on the Al0.41Ga0.59N buffer.

The nanocrystal phases are established from the HRXRD 2θ-ω scans collected along the [0001]
growth direction and reported in Figure 2a for all samples. Besides the diffraction peaks from
the GaδFeN layer, from the AlxGa1−xN (0 < xAl < 41%) buffer and from the Al2O3 substrate,
two additional diffraction peaks located around (41.28 ± 0.07)◦ and (47.72 ± 0.07)◦ are observed for
all samples with Al in the buffer. The first diffraction peak is attributed to the (0002) plane of the
hexagonal ε-Fe3N phase, while the second one origins from the (200) plane of the fcc γ’-GayFe4−yN
phase. The calculated lattice parameters for the two FeyN phases are (0.437 ± 0.002) nm and (0.381
± 0.002) nm, respectively. These values lie in the range of the reported literature values for both
phases: the hexagonal ε-Fe3N with a = 0.469 nm and c = 0.437 nm [27], and the fcc γ’-GayFe4−yN with
a = 0.379 nm [15]. For the reference sample, only the γ’-GayFe4−yN phase is observed.

Figure 2. (a) Radial 2θ-ω scans collected along the [0001] growth direction with the diffraction peaks
identified for the AlxGa1−xN buffer, the GaδFeN layers and the embedded nanocrystal phases [28,29].
(b) Close-up of the (0002) diffraction peaks of the AlxGa1−xN buffer and of the GaδFeN layers.
(c,d) Reciprocal space maps of the (101̄5) diffraction plane for the samples containing 5% and 41% Al
in the buffer, respectively.

A close-up of the region around the (0002) diffraction peak of the GaδFeN overlayer and of the
AlxGa1−xN buffer is presented in Figure 2b, showing the shift of the buffer peak to higher diffraction
angles with increasing Al concentration, pointing at a reduction in the c-lattice parameter. The position
of the diffraction peak related to the GaδFeN thin layer remains unchanged for the buffers with
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xAl ≤10% and shifts to lower angles for increasing Al concentrations, i.e., larger c-lattice parameter.
This suggests that the GaδFeN layer is compressively strained on the AlxGa1−xN buffers.

To analyze the strain state and to obtain the in-plane a-lattice parameter, reciprocal space maps at
the (101̄5) diffraction plane are acquired. The RSM for the samples with buffers containing 5% and
41% of Al are shown in Figure 2c,d, demonstrating that while the GaδFeN layer grows fully strained
on the Al0.05Ga0.95N buffer, it is partially relaxed on the Al0.41Ga0.59N one. The in-plane percentage
of relaxation R% of the GaδFeN thin layer with respect to the buffer is obtained directly from the
respective in-plane d-lattice spacings as [30]:

R% =
dGaFeN(m)
‖ − dAlGaN(m)

‖
dGaN(0)
‖ − dAlGaN(0)

‖
× 100 , (1)

where d‖ refers to the in-plane lattice spacings d. The values in the numerator are the measured
ones and those in the denominator are the values for free-standing GaN and AlxGa1−xN according to
the Vegard’s law. The calculated R% values for the samples considered here, are reported in Table 1,
showing that for xAl < 10%, the GaδFeN layers grow fully strained on the buffers and the onset of
relaxation occurs at xAl ≥ 10%. This is also evident from the lattice parameters presented in Figure 3a,b
as a function of xAl, where the lattice parameter a for the GaδFeN layer is found to deviate from the one
of the AlxGa1−xN buffer with xAl > 10%. The dashed lines in Figure 3a,b give the trend of the Vegard’s
law and the dashed-dotted lines indicate the literature values for the lattice parameters for GaN [31].
Although the c-lattice parameter for the GaδFeN layer is not significantly affected by increasing the
Al concentration, a matches the one of the buffer until xAl ≈10% and then deviates significantly,
confirming the relaxation of the GaδFeN thin layer. Considering that the GaδFeN thin layer has
only biaxial in-plane strain, the strain εGaFeN

xx and stress σGaFeN
xx tensors are calculated employing a

linear interpolation between the value of the Young modulus E and the stiffness constants Cij of GaN
(E = 450 GPa, 2C13/C33 = 0.509) and AlN (E = 470 GPa, 2C13/C33 = 0.579) [31]. The values reported in
Table 1 show that independent of the Al concentration, the GaδFeN layers are all under a comparable
compressive strain.

Table 1. List of investigated samples and their relevant parameters: Al concentration xAl in the
buffer; R% degree of relaxation; out-of-plane εGaFeN

zz and in-plane εGaFeN
xx strain and σGaFeN

xx stress in
the GaδFeN thin layer. The FeyN nanocrystal phases identified by HRXRD and HRTEM are also listed.

xAl R% εGaFeN
xx εGaFeN

zz σGaFeN
xx FeyN NCs Phases

(%) (%) (%) (%) (GPa)

0 0 −0.012 0.063 −0.564 γ’-GayFe4−yN
5 0 −0.012 0.063 −0.564 ε-Fe3N/γ’-GayFe4−yN

10 13 −0.016 0.081 −0.706 ε-Fe3N/γ’-GayFe4−yN
22 67 −0.018 0.093 −0.847 ε-Fe3N/γ’-GayFe4−yN
41 85 −0.012 0.063 −0.564 ε-Fe3N/γ’-GayFe4−yN
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Figure 3. (a,b): Lattice parameters a and c of the AlxGa1−xN buffer (full squares) and the GaδFeN
layers (empty circles) vs. xAl. The dashed line corresponds to the Vegard’s law and the dashed-dotted
line indicates the literature values of the lattice parameters a and c for GaN [31]. (c) Dislocation
densities—edge-mixed (full circles) and screw (empty stars)—in the AlxGa1−xN buffer layers estimated
from XRD and TEM (half-filled squares) as a function of xAl.

The (0002) diffraction peak of the AlxGa1−xN buffers presented in Figure 2b broadens with
increasing Al concentration, pointing at an increment of defects and dislocation density in the buffer
layers. In [0001]-oriented III-nitride films, three main types of threading dislocations are commonly
observed: edge-, mixed- and screw-type. The analysis of the integral breadth of the diffraction peaks
originating from the (000l) planes allows estimating the density of screw dislocations, while the one
in the (202̄4) plane provides information on the density of edge and mixed type dislocations [22].
According to Dunn and Koch, the density of dislocations DB is given by [32]:

DB =
β2

4.35b2 , (2)

where β is the integral breadth and b is the Burgers vector. This equation was previously employed to
estimate the dislocation density in GaN thin films [33]. The dislocation densities obtained from HRXRD
analysis for all buffer layers as a function of xAl are reported in Figure 3c, where a linear increase is
observed reaching values up to four times larger than those of the GaN buffer for both edge-mixed and
screw dislocations in the buffer with the highest Al concentration. These results are consistent with the
observations from the cross-section and plan-view TEM images shown in Figure 1. The dislocation
density is also estimated from TEM micrographs, yielding larger values for the AlxGa1−xN buffers

166



Materials 2020, 13, 3294

than those obtained from the XRD analysis, but following the same trend: the greater the concentration
of Al in the buffer, the higher the dislocation density.

The increased dislocation density in the AlxGa1−xN buffers with xAl > 10% leads to the relaxation
of the GaδFeN thin layers. As observed in Figure 1f, a fraction of the dislocations from the Al0.41Ga0.59N
buffer runs throughout the entire GaδFeN layer, promoting the aggregation of Fe along the defects
and, therefore, the preferential formation of nanocrystals. Interestingly, the nanocrystals stabilized at
the dislocations are predominantly elongated along the [0001] growth direction.

A more detailed analysis of the NCs sizes is performed on cross-section and plan-view TEM
images. The size of the NCs is determined with an accuracy of ±0.5 nm by measuring the size
of the areas where Moiré patterns are visible with the Fiji software [34]. The results are presented
in Figure 4a–e, where the size distribution of 200 measured NCs per sample is reported. For this
evaluation, the NCs are treated as ellipsoids according to the schematic representation in Figure 4f
with dimensions perpendicular (A) and parallel (C) to the [0001] growth direction for the different
xAl in the buffers. The solid line marks the aspect ratio (AR) equal to 1, i.e., A = C. From the size
distributions presented in Figure 4, it is seen that the size of the NCs in the reference sample has a
broader distribution and particularly a larger in-plane A than in the samples grown on the AlxGa1−xN
buffers. Although the size of the NCs in the reference sample tends to lie on or below the solid line,
indicating an AR≤1 and an oblate shape of the NCs—with their y-axis elongated in the plane of the
layer—the size of the NCs in the layers grown on the AlxGa1−xN buffers lies above the solid line,
i.e., with an AR>1, pointing at prolate NCs elongated along the [0001] growth direction. From the
measured dimensions of the NCs, the average sizes parallel and perpendicular to the growth direction
[0001] are estimated, confirming the decrease in the size perpendicular to the growth direction for the
nanocrystals embedded in the GaδFeN layers grown on the AlxGa1−xN buffers.

Figure 4. Size distribution of 200 NCs measured in cross-section HRTEM for xAl in the buffers equal to:
(a) 0%, (b) 5%, (c) 10%, (d) 22%, and (e) 41%. The dimensions A and C correspond to the schematic
representation depicted in (f) and correspond to half the size perpendicular and parallel to the [0001]
growth direction, respectively.

Furthermore, it is found that in all samples the nanocrystals located at dislocation sites are
predominantly prolate. This suggests that the increase in dislocation density for the layers grown on
the AlxGa1−xN buffers promotes the formation of prolate NCs, which are mostly arranged in pairs
aligned along dislocations, as shown in Figure 5a. In contrast, the oblate NCs are all located at the
same depth in the layers.
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Figure 5. (a) Cross-section HRTEM image showing the distribution in pairs of prolate NCs along
dislocations in the GaδFeN/Al0.1Ga0.9N sample. (b,c) HRTEM images of nanocrystals with double and
single Moiré-patterns, respectively. (d) Fraction of NCs displaying SMP and DMP as a function of xAl.

In addition to providing the size and phase, the characterization of the Moiré patterns (MPs)
observed in the HRTEM micrographs yields further relevant information about the embedded NCs.
The origin of MPs in general is the result of the overlap of two lattices with equal spacings that are
rotated with respect to each other, or of the superposition of lattices with slightly different spacings.
This leads to a pattern with Moiré fringe spacings with either single periodicity (line pattern) or double
periodicity (grid-like pattern). Exemplary NCs showing a double and a single MP are presented in
Figure 5b,c, respectively. The Moiré fringe spacings depend on the two underlying crystal structures,
on their orientation relationship, and on the lattice strain. The fraction of nanocrystals displaying
single MP (SMP) and double MPs (DMP) is shown in Figure 5d. Up to 78% of the NCs exhibit single
MPs and 22% produce double MPs in the reference GaδFeN grown on GaN buffer, while for the films
grown on the AlxGa1−xN buffers this tendency is inverted. The double MP pattern is an indication
of an in-plane misorientation of the NCs, which is related to the enhanced dislocation density in the
underlying buffer layers and to the formation of the NCs along the dislocations, leading to slight
distortions and strain within the GaN matrix.

The FeyN phases identified in the HRXRD spectra depicted in Figure 2a are confirmed by HRTEM
analysis. In HRTEM micrographs showing NCs, the regions of interests are Fourier transformed by Fast
Fourier Transformation (FFT) using the Gatan Digital Micrograph (Gatan Inc.) software. Micrographs
of two NCs are shown in Figure 6a,d along with the corresponding FFTs in Figure 6b,e. The FFT images
are used to determine the lattice parameters by measuring the spacings in the two directions of the
diffraction pattern. To identify the NCs orientation with respect to the GaN matrix, a comparison
with the diffraction patterns simulated by the JEMS software is performed [35]. Employing this
procedure, the investigated NC in Figure 6a is identified as ε-Fe3N oriented along the zone axis
(ZA) [110]NC, which is parallel to the ZA [210]GaN, and therefore corresponds to an epitaxial relation
[112̄0]NC‖[101̄0]GaN. A schematic representation of the epitaxial relation is sketched in Figure 6c,
showing that the NC is 30◦ rotated with respect to the crystallographic axis of GaN, but parallel to
the one of the sapphire substrate, similarly to the fcc NCs studied in GaδFeN/GaN layers [13]. The
above procedure is applied to the NCs found in the reference sample and reproduced in Figure 6d,
revealing the epitaxial relation [110]NC‖[112̄0]GaN presented in Figure 6f and previously reported
for γ’-GayFe4−yN NCs in GaδFeN layers grown on GaN [13]. The majority of the NCs found in the
GaδFeN layers grown on the AlxGa1−xN buffers are identified as the hexagonal ε-Fe3N phase, while
those in the reference sample are associated with the cubic γ’-GayFe4−yN phase oriented preferentially
as [001]NC‖[0001]GaN, in agreement with the results from the XRD spectra presented in Figure 2a. From
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elemental composition analysis via EDX line-scans, the presence of Al in the GaδFeN layers is ruled
out as shown in Figure S1 (Supplementary Materials) of the Suplemental Material.

Figure 6. Plan-view HRTEM images of exemplary FeyN nanocrystals embedded in a GaδFeN layer
grown on (a) an Al0.1Ga0.9N buffer, and (d) GaN. (b,e) FFT of the images presented in (a,d), respectively,
showing the epitaxial orientation of the NCs with respect to the GaN matrix. The FFT in (c) corresponds
to the NCs marked by the square in (a). (c,f): Schematic representation of the epitaxial relation in (b,e).

3.2. Magnetic Properties

In the previous section it has been demonstrated that the basic structural characteristics of the
NCs change considerably with the incorporation of Al into the buffer layer. To shed light onto how the
magnetic characteristics of the layers are modified by these structural changes, a comparative analysis
of the magnetic properties of the reference GaδFeN/GaN and the GaδFeN/Al0.1Ga0.9N samples is
performed. As indicated in Table 1 and depicted in Figure 2, the former contains mostly γ’-GayFe4−yN
NCs, which are characterized by a balanced distribution of prolate and oblate shapes, whereas in the
latter, prolate ε-Fe3N NCs prevail over the γ’-GayFe4−yN ones.

The formation of the Fe-rich NCs in GaN is the direct consequence of the solubility limit of Fe
in GaN being (1.8 × 1020) cm−3 or 0.4% at the growth conditions considered here [36–38]. Therefore,
when the doping level exceeds this concentration, the Fe ions are found both in Ga substitutional
sites as Fe3+ and in the phase-separated NCs. The Fe-rich NCs form disperse ensembles of large
ferromagnetic macrospins with specific size and shape distributions. In the absence of mobile carriers,
the randomly distributed Fe3+ ions, despite their high spin state (L = 0, S = 5/2), do not interact in
the relevant temperature range between 2 K and 400 K and exhibit paramagnetic properties. Due to
the high diffusivity of transition metal ions in GaN, these paramagnetic ions are found diffusing a few
hundreds of nanometres below the Fe-δ-doped layer [39]. This substantially increases the total amount
of the dilute Fe3+, making the intensity of the paramagnetic signal at low temperatures comparable
to the one of the ferromagnetic NCs. Therefore, a dedicated experimental approach is required to
distinguish between the two contributions.

The isothermal magnetization curves with the magnetic moment as a function of the applied
magnetic field m(H) for the reference sample (xAl = 0%) are plotted for selected temperatures (solid
symbols) in Figure 7. As mentioned, the bare magnetic signal consists of two distinct contributions.
At temperatures above 50 K, the fast saturating response resembling a Langevin’s L(H) function at
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weak fields is attributed to the ferromagnetic NCs. However, the lack of a systematic T-dependency
satisfying the H/T scaling [40] and the presence of a weak magnetic hysteresis indicate that the
majority of the NCs is not in thermal equilibrium and their magnetic response is affected by the
presence of energy barriers and governed by their distribution. At temperatures below 50 K, the m(H)

gains in strength and a slowly saturating contribution originating from the non-interacting Fe3+ ions
retaining their own magnetic moment dominates [37,38,41,42].

The paramagnetism of the Fe3+ ions is described by the Brillouin function BS for S = J =

5/2 [36,43,44], and the experimentally established difference Δm(H) between m(H) at, e.g., 2 K and 5 K
permits the quantification of the ions’ contribution by fitting ΔBS(H, ΔT) = BS(H, 2 K)− BS(H, 5 K)

to Δm(H) with the procedure described in detail in Ref. [38]. The open circles in Figure 7 represent
the experimental difference Δm(H) between m(H) at 2 K and 5 K, whereas the dotted line follows the
magnitude of the expected change ΔB5/2(H, ΔT) corresponding to several ions NPM = (1.8 × 1015)

cm−2. The dashed line indicates the magnitude of the paramagnetic contribution corresponding to
NPM at 2 K.
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Figure 7. (a) (Solid symbols) Isothermal magnetization curves of the reference GaδFeN/GaN structure
at selected temperatures. The open circles denote the difference Δm(H), whereas the dashed line
corresponds to the calculated difference of the respective Brillouin functions calculated for the
paramagnetic Fe3+ ions with NPM = (1.8 × 1015) cm−2. The solid lines mark the resulting magnitudes
of mNC(H) of the NCs, after subtracting the paramagnetic component. The solid down–arrow indicates
the degree of the reduction of m(H) due to the subtraction of the paramagnetic contribution. (b,c)
NPM and msat

NC plotted as a function of total dislocation density D. The squares represent the reference
GaδFeN/GaN structure, the circles mark data for the layers grown on the AlxGa1−xN buffers. The
corresponding concentration of Al in the AlxGa1−xN buffers is indicated in panel (b). Dashed lines in
panels (b,c) are guide to the eye.

Having established NPM in each of the investigated structures, the paramagnetic contribution
mPM(H) = gμBSNPMB5/2(H, T)—where g is the g-factor and μB the Bohr magneton—is calculated
and subtracted from the experimental data to obtain the magnitude mNC(H, T) of the magnetization
corresponding to the NCs. The results are indicated by solid lines in Figure 7. It is worth noting that
mNC(H, T) saturates at all investigated temperatures for H ≥ 10 kOe, confirming the ferromagnetic
order within the NCs. The evolution of NPM and mNC as a function of the dislocation density is
presented in Figure 7b,c, respectively. The former decreases, whereas the latter increases with the
dislocation density, suggesting that the dislocations originating at the sapphire/AlxGa1−xN interface
serve as preferential sites for the aggregation of the Fe ions. This is substantiated by the fact that
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the magnitude of NPM in the reference structure and related solely to the layer nominally containing
Fe, i.e., (60–100) nm, corresponds to (4 × 1020) cm−3 or  1% of Fe ions, largely exceeding the Fe
solubility limit in GaN. Thus, the Fe3+ ions are distributed across the entire depth in the structure of
the reference sample, whereas in the layers grown on the AlxGa1−xN buffers a significant fraction of
the Fe ions migrates to the dislocations, where they aggregate into the hexagonal ε-Fe3N NCs. Since
the dislocation density is found to correlate with the Al content in the buffer, as presented in Figure 3c,
the Al content in the AlxGa1−xN buffer is instrumental to control both the substitutional Fe atoms
concentration and the strength of the ferromagnetic signatures related to the NCs.

The temperature dependence of the saturation magnetization msat
NC(T) of the ferromagnetic signal

specific to the NCs for the layer grown on the Al0.1Ga0.9N buffer (circles) and for the reference one
(squares) is reproduced in Figure 8. These dependencies are established upon performing a m(H)

analysis similar to the one exemplified in Figure 7 (solid symbols), as well as from direct continuous
sweeping of T at H = 20 kOe (open symbols). This allows quantifying the temperature dependence of
the saturation magnetization Msat of the γ’-GayFe4−yN and ε-Fe3N present in the structures.
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Figure 8. (a) Comparison of the temperature dependence of msat
NC(T) in the studied GaδFeN layers

grown on a GaN buffer (squares) and grown on a Al0.1Ga0.9N buffer (circles). Solid symbols: msat
NC

inferred from the mNC(H) isotherms. Open symbols: direct continuous sweeping of T at H = 20 kOe.
(b) Temperature dependence of the saturation magnetization MSat of the two FeyN compounds formed
due to the epitaxy of the GaδFeN layers. The solid lines mark two classical Langevin functions L(T)
rescaled to follow the corresponding experimental result for 2 K< T < 400 K. The dashed lines are
Brillouin functions B5/2(T) rescaled to reproduce the corresponding magnitudes of msat

NC(0) and TC.

To quantify the magnetization of the NCs, their average volume is estimated from the size
distribution shown in Figure 4 and the average densities established from TEM by taking into account
that (50-70)% of the prolate NCs in the GaδFeN/AlxGa1−xN structures grow in pairs along the
dislocations, as shown in Figure 5a. The estimated values of the NCs magnetization are (1700 ±
200) emu/cm3 for the NCs in the reference sample containing γ’-GayFe4−yN NCs, and (1400 ±
900) emu/cm3 for the NCs present in the GaδFeN/Al0.1Ga0.9N structure, where about 80% of the
NCs are ε-Fe3N and 20% are γ’-GayFe4−yN. These values are consistent with those estimated from
ferromagnetic resonance measurements [17], shown in Figure S2 of the Suplemental Material, and in
good agreement with the respective ranges of Msat reported in the literature for these compounds.
For γ’-Fe4N, the Msat ranges between 1500 emu/cm3 and 2000 emu/cm3 [2,45–47], so that the values
obtained for the γ’-GayFe4−yN NCs considered here point at high crystallinity and low dilution by Ga,
i.e., (y � 1). For the layer grown on the Al0.1Ga0.9N buffer the Msat established, taking into account a
20% contribution of γ’-GayFe4−yN NCs, yields a corrected value of Msat = (1300 ± 900) emu/cm3 for
the ε-Fe3N NCs, consistent with previous studies [2,5,48–54].
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The resulting magnitudes of MSat(T) for both compounds are represented as solid symbols in
Figure 8b. The experimental trends of MSat(T) for both FeyN compounds are compared with the
spontaneous magnetization calculated as a function of T based on the molecular field theory in the
classical limit and with the Langevin function L(T), i.e., corresponding to a large magnetic moment of
the NCs J = S → ∞ (solid lines). It is observed that the low-T fast drop of mFM(T) starting at T ≈ 50 K,
is indeed well captured by L(T), and could not be reproduced by a Brillouin function. For comparison,
the B5/2(T) functions are added to Figure 8b as dashed lines. The L(T) is then extrapolated to assess
the TC of the NCs in each sample.

In the reference sample containing mostly γ’-GayFe4−yN NCs a TC = ( 630 ± 30)K is found,
i.e., about 100 K lower than the values reported for Ga-free γ’-Fe4N of TC = 716 K [47] and 767 K [6].
This is attributed to a partial replacement of the Fe ions by Ga, which leads to a magnetic dilution and
randomization of spins breaking down the ferromagnetic order [15,55]. However, the Ga incorporation
is minimal, since the ternary GaFe3N is weakly antiferromagnetic [15]. The same extrapolation method
yields TC = (670 ± 30)K for the layer grown on the Al0.1Ga0.9N buffer, which contains predominantly
ε-Fe3N NCs and a limited amount of γ’-GayFe4−yN. No quantitative conclusion about the TC of ε-Fe3N
NCs can be made, nevertheless it can be stated that its value is significantly greater than the previously
reported 575 K [5] and (500–525) K [53,56]. This result is relevant, since despite the high potential of
ε-Fe3N for spintronics [5], the technological development of this material has been limited by its high
chemical reactivity and by challenges in obtaining the required stoichiometry [57]. The magnitude
reported here for ε-Fe3N NCs points, on the other hand, to the possibility of stabilizing, in a controlled
fashion, relevant FeyN nanostructures in a GaN matrix.

The magnetothermal behavior of these ensembles of NCs traced for two orientations of H,
i.e., H‖ parallel (full symbols) and H⊥ perpendicular (open symbols) to the film plane is shown in
Figure 9a and follows a trend specific to ferromagnetic nanoparticle ensembles previously reported
for Fe-rich NCs stabilized in GaN [18,37,38]. These features indicate that independently of the
orientation, a specific distribution of energy barriers EB = KeffVNC for the ferromagnetic moment
reversal determines the response in the whole temperature range. Here Keff is the effective magnetic
anisotropy energy density specific to a given NC with volume VNC. The effect is particularly significant
in the GaδFeN/Al0.1Ga0.9N layer for H⊥. This finding demonstrates that the predominantly prolate
character of the ε-Fe3N NCs in the layers grown on the AlxGa1−xN buffers dramatically affects the
magnetic anisotropy (MA), which will be treated in detail later.

Figure 9. (a,b) ZFC, FC and the calculated temperature derivative of the thermoremanence
magnetization (TRM): −d(MFC − MZFC)dT in the studied GaδFeN structures grown either on GaN
or on the Al0.1Ga0.9N buffer. (c) Superparamagnetic limit distribution in the GaδFeN/GaN structure
calculated based on the size and shape distributions of the NCs taken from Figure 4a. (d) Direct
measurement of TRM in GaδFeN/Al0.1Ga0.9N after cooling down in a saturating H = 10 kOe and
(e) its T–derivative. The dashed lines in (d) point to the superparamagnetic limit of about 500 K.
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For an ensemble of non-interacting magnetic NCs the temperature derivative of the
thermoremanence magnetization (TRM) provides qualitative information on the EB distribution in the
ensemble [58]. From MTRM = MFC − MZFC, the −d(MFC − MZFC)dT is calculated and displayed in
Figure 9b, with non-zero values in the whole T-range and exhibiting a peak at around 50 K. From this,
the magnitude of the superparamagnetic limit TSP in the layers is quantified. Here, TSP is the
temperature above which a given magnetic NC or an ensemble of NCs is in thermal equilibrium
and is defined by EB = 25kBTSP [59], where kB is the Boltzmann constant and the numerical factor 25
corresponds to the typical magnetometry probing time of 100 s.

Due to the fact that all considered layers contain γ’-GayFe4−yN NCs, their size distribution is
taken into account. For each NC, the individual Keff = Kmcr + Ksh, where Kmcr = (3 × 105) erg/cm3

is the magnitude of the cubic magnetocrystalline anisotropy parameter of γ’-Fe4N [60], is calculated.
The positive sign indicates that the magnetic easy axes are directed along the [100] direction, which is
parallel to the c-axis of GaN. The shape contribution to the MA for each NC:

Ksh = (NA − NC)M2
sat/2 , (3)

is determined by the difference NA − NC of the demagnetizing coefficients N of the considered
nanocrystals according to the ellipsoid with semi-axes A and C [61]. The experimental magnitude of
Msat = 1700 emu/cm3 established here is employed, considering that the main crystallographic axes
of the NCs and their axes of revolution are aligned with those of the host lattice. The magnitudes of
Kmcr and Ksh can be added with the caveat that all NCs with negative values of Keff are discarded.
This is because for Keff < 0 the easy plane of the magnetization M rotates smoothly by 180o to facilitate
the reversal and the NCs are at thermal equilibrium at any T, thus not contributing to TRM. Based on
the data presented in Figure 4a, as much as 50% of the NCs belong to this category, a decisive factor
for understanding the magnetic softness of the ensembles of NCs [18,19,24,37,38]. The large number
of NCs in equilibrium explains also the low magnitude of MFC (and MTRM), i.e., less than 20% of the
total saturation value. Finally, for nearly spherical NCs (C/A  1), where the cubic Kmcr prevails,
EB = KeffVNC/4 is set, as expected for cubic anisotropy exhibiting magnetic easy axes oriented along
the 〈100〉 family of directions (Kcubic

mcr > 0) [62]. The calculated TSP distribution as a function of the
Keff VNC/(25kB) is depicted in Figure 9c and is in agreement with the experimental data in Figure 9b.
The calculated distribution peaks around 40 K, decreases at higher temperatures, and remains non-zero
up to 400 K, as found experimentally.

The non-conventional behavior of MZFC and MFC of the GaδFeN/Al0.1Ga0.9N structure probed
for H⊥ indicates that even at T = 400 K the field of 100 Oe is too weak to overcome the energy
barriers. Therefore, direct TRM measurements to establish the actual magnitude of the low–T MTRM

are performed. To this end, the sample is cooled down at a saturating field of 10 kOe to T = 2 K,
then the field is quenched and at H  0 the TRM measurement is performed while warming up.
For comparison, the same sequence is executed for H‖. The results and their T-derivatives are presented
in Figure 9d,e, respectively. The magnitude of the irreversible response increases for the perpendicular
orientation (empty symbols) to about 80% of the total magnetic saturation. Taking into account the
significant MA of hexagonal ε-Fe3N and the much weaker one of cubic γ’-GayFe4−yN, the 80% level
is taken as a coarse estimate of the relative content of the ε-Fe3N NCs in the layer grown on the
Al0.1Ga0.9N buffer.

Both TRMs remain non-zero even at 400 K. By extrapolating the curves to zero, with the maximum
value of TSP located at 500 K. This procedure is valid because the derivatives dMTRM/dT increase as
T → 400 K. Interestingly, the T-derivative of MTRM for the in-plane configuration is featureless and
larger than the one established at low fields in the ZFC and FC measurements, suggesting that in these
two measurements two different subsets of NCs determine the response.

The normalized magnetization M/Msat of the layers as a function of the magnetic field is
presented in Figure 10a,b, where both M(H⊥) and M(H‖) show the sensitivity of the magnetization to
the orientation of H for the reference structure and for the GaδFeN/Al0.1Ga0.9N layer, respectively.
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The measured M(H) saturates beyond ± 10 kOe and does not significantly depend on H in the
whole studied T-range, as demonstrated earlier in Figure 7a for the reference sample and in previous
studies [19,24]. A similar behavior is observed for all the layers deposited on the AlxGa1−xN buffers.

Figure 10. Normalized magnetization M/Msat acquired at 2 K for the two magnetic field configurations
H⊥ (circles) and H‖ (diamonds) for (a) the reference sample, and (b) GaδFeN/Al0.1Ga0.9N. The M/Msat

at 300 K as a function of the magnetic field is depicted in the insets. The vertical arrows mark
an inflection point H1 on M(H⊥) separating two different contributions to M during its reversal.
The empty arrow marks the coercive field of the whole ensemble, whereas the lengths of the two full
arrows indicate the average coercive field 〈HC〉 of the prolate part of the distribution. (c) Magnetic
anisotropy M(H⊥) − M(H‖) obtained for the GaδFeN/Al0.1Ga0.9N sample acquired at selected
temperatures. (d) Magnitudes of Keff established from the area under the curves in (c) plotted as
the function of M2

Sat (diamonds) and of Kmcr of ε-Fe3N (bullets). Solid lines mark the proportionality of
both Keff and Kmcr to M2

Sat. (e) Temperature dependence of Kmcr of ε-Fe3N.

It is worth underlining that the main symmetry axes of the ε-Fe3N NCs are fixed in the direction
of the c-axis of GaN, i.e., perpendicular to the sample plane, which is essential for modelling the results.
The uniaxial magnetocrystalline anisotropy (UMA) of the hexagonal ε-Fe3N NCs was found to be
between (0.5–1×106) emu/cm3 [54] with the easy axis along the [0001]-direction. Due to preferential
nucleation along the dislocations, the distribution of shapes of the ε-Fe3N NCs is highly asymmetric,
adding a sizeable shape contribution to the native crystalline UMA of ε-Fe3N. The data presented in
Figure 4c yield the average elongation 〈C/A〉 = 1.34 for the prolate part of the distribution, what,
according to Equation (3) and Msat = 1300 emu/cm3, points to 〈Ksh〉 = (1.2 × 106) erg/cm3, which
represents the most relevant contribution to the overall MA of this ensemble.

The large UMA along the growth direction is the origin of the pronounced squareness and
the resemblance of the experimental m(H⊥) to the perpendicular magnetic anisotropy of bulk
ferromagnets and layered structures. This is further demonstrated by the hard-axis-like shape of
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m(H‖). The magnitude of the UMA exerted by the considered ensemble of NCs is calculated by
taking the experimental difference ΔM(H) = M(H⊥) − M(H‖), plotted for selected temperatures
in Figure 10c. By definition, the area under the Δm(H) yields the magnitude of Keff. The established
magnitudes are plotted against the corresponding magnitudes of M2

sat in Figure 10d (diamonds).
The nearly linear relationship Keff ∝ M2

sat confirms the significant UMA in this ensemble, allowing the
direct determination from Equation 3 of Kmcr of ε-Fe3N from the T–dependence of msat

NC(T) (Figure 8).
The resulting magnitudes of Kmcr = Keff −Ksh established at all the measured temperatures, are shown
in Figure 10e (bullets). This is the first direct determination of the absolute magnitudes of Kmcr of
ε-Fe3N in such a broad and technologically relevant temperature range up to 400 K.

On the other hand, as indicated in Figure 10b, the magnetization process in the
GaδFeN/AlxGa1−xN structures is based on two rather independent switching processes. This is
seen at the two temperatures exemplified in Figure 10b. The T = 2 K case, where the thermal
activation contribution to m(H) can be neglected, is considered in detail. Here, about a third of the
total magnetization of the NCs switches at very weak fields. This process completes at weak negative
fields, where a kink is seen in m(H⊥) at about ±1 kOe, marked by the arrows at H1. Up to H1 about
30% of the total M has switched or rotated to the new direction of H. This is the result of a narrow band
of weak switching fields brought about by the minority of the oblate NCs (which nominally reverse M
at H = 0) and of several cubic γ’-GayFe4−yN NCs, which reverse M at weak fields, as demonstrated
in Figure 10a. For the remaining 70% NCs, the switching process begins after H⊥ passes H1 and
these are the prolate ε-Fe3N NCs, which, due to their generally high Keff require larger magnitudes
of H to overcome the individual anisotropy fields HA = 2Keff/Msat. Since the majority of the NCs
is in the single domain state, the different magnitudes of HA contribute to a broad distribution of
switching (coercive) fields HC, resulting in the wide m(H⊥) for |H| > |H1|. From the magnitude of
〈Keff〉, 〈HC〉 = 3 kOe at low temperatures is obtained and it is also extrapolated directly from the m(H)

curve in Figure 10b. Since the reversal process of M of the prolate fraction of the NCs ensemble in the
GaδFeN/AlxGa1−xN structures starts after the magnetically soft part of the ensemble has reversed, the
HC cannot be determined at M = 0. The m(H) after H1 is assigned to the prolate ε-Fe3N, marked by
the arrows in Figure 10b, from where the corresponding 〈HC〉 can be obtained. It is worth noting that
the difference in 〈HC〉 between the two branches of m(H⊥) corresponds to the magnitude of the soft
part of M which switches within |H| < |H1|, i.e. the magnetically hard part of m(H⊥) corresponding
to the prolate NCs is broken up by the magnetically soft component of the distribution.

4. Conclusions

Strained and partially relaxed GaδFeN thin layers grown on AlxGa1−xN buffers by MOVPE
reveal the formation of hexagonal ε-Fe3N and fcc γ’-GayFe4−yN nanocrystals epitaxially embedded
in the GaN matrix. The GaδFeN layers are strained for an Al concentration in the buffer up to 10%
and then relax up to 85% for an Al concentration of 41%. With increasing Al content, an increase in
the dislocation density in the buffer layers is observed, together with a preferential aggregation of
nanocrystals along the dislocations in the GaδFeN layers. The NCs have either oblate or prolate shape,
with the majority of the NCs being prolate. Both nanocrystal phases are coherently embedded into the
surrounding GaN matrix with an epitaxial relation: [0001]NC ‖ [0001]GaN and 〈112̄0〉NC ‖ 〈101̄0〉GaN
for the ε-Fe3N NCs, and [001]NC ‖ [0001]GaN and 〈110〉NC ‖ 〈112̄0〉GaN for the γ’-GayFe4−yN NCs.

The magnetic response of the layers is consistent with the one previously found for
phase-separated (Ga,Fe)N consisting of two components: a dominant paramagnetic low-T contribution
from Fe3+ ions dilute in the GaN matrix and in the buffer volume, and a ferromagnetic one dominant
above 50 K originating from the γ’-GayFe4−yN and the ε-Fe3N embedded NCs [37,38]. The low–T
contribution of the Fe3+ ions to the total magnetization reaches magnitudes comparable to those of
the NCs. The TC of the reference layer containing solely γ’-GayFe4−yN is found to be (630 ± 30)K,
pointing at the inclusion of Ga into the NCs and therefore lowering the TC with respect to one of
γ’-Fe4N [6]. Due to the formation of additional ε-Fe3N in the GaδFeN/AlxGa1−xN layers, TC is
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increased to (670 ± 30)K, indicating a high crystalline and chemical quality of the NCs. Moreover, the
calculated magnetization of the NCs is consistent with literature values. The magnetization process in
the GaδFeN/AlxGa1−xN structures is based on two substantially independent switching processes:
a relatively fast switching of the oblate and γ’-GayFe4−yN NCs at low fields, followed by the switching
of the ε-Fe3N NCs, which require larger magnitudes of H to overcome the individual anisotropy fields.
All GaδFeN layers grown on the AlxGa1−xN buffers exhibit a sizeable uniaxial magnetic anisotropy
with the easy axis matching the c-axis of the hexagonal ε-Fe3N NCs and the [0001] growth direction of
the layers. This suggests that the formation of ordered elongated hexagonal ε-Fe3N NCs along the
dislocations in the AlxGa1−xN buffers is responsible for the observed out-of-plane magnetic anisotropy.
The finding is substantiated by the value of HC obtained directly from the normalized magnetization
for H⊥ that is well reproduced by the calculated value obtained considering the Keff of the prolate
ε-Fe3N NCs. Significantly, this is the first direct determination of the absolute magnitudes of Kmcr of
ε-Fe3N in a broad and technologically relevant temperature range up to 400 K.

According to these findings, GaδFeN/AlxGa1−xN heterostructures provide a controllable housing
for stabilizing ordered arrays of ferromagnetic FeyN compounds, opening wide perspectives for spin
injection in these phase-separated material systems and for the electric-field manipulation of the
magnetization [63].
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Abstract: Magnetic shape memory Heuslers have a great potential for their exploitation in next-generation
cooling devices and actuating systems, due to their “giant” caloric and thermo/magnetomechanical effects
arising from the combination of magnetic order and a martensitic transition. Thermal hysteresis, broad
transition range, and twinning stress are among the major obstacles preventing the full exploitation of
these materials in applications. Using Ni-Mn-Ga seven-modulated epitaxial thin films as a model system,
we investigated the possible links between the phase transition and the details of the twin variants
configuration in the martensitic phase. We explored the crystallographic relations between the martensitic
variants from the atomic-scale to the micro-scale through high-resolution techniques and combined this
information with the direct observation of the evolution of martensitic twin variants vs. temperature.
Based on our multiscale investigation, we propose a route for the martensitic phase transition, in which
the interfaces between different colonies of twins play the major role of initiators for both the forward
and reverse phase transition. Linking the martensitic transition to the martensitic configuration sheds
light onto the possible mechanisms influencing the transition and paves the way towards microstructure
engineering for the full exploitation of shape memory Heuslers in different applications.

Keywords: martensitic transition; Heusler alloys; magnetic shape memory alloys; twin boundary;
epitaxial Ni-Mn-Ga films; transmission electron microscopy

1. Introduction

Magnetic shape memory Heuslers provide new concepts for magnetic field-driven actuation [1,2],
energy harvesting [3], and solid-state cooling technology [4] thanks to the magnetostructural martensitic
phase transition and the giant magnetic field-induced strain, which has been reported in bulk single
crystals as orders of magnitude higher than piezoelectric and magnetostrictive counterparts [5,6].

Ni-Mn-Ga films are a model system for magnetic shape memory materials. By exploiting epitaxial
growth on different substrates, suitable growth conditions (including stress), and geometrical parameters
(e.g., thickness) high quality and suitably oriented epitaxial films can be obtained. They allow accurate
studies of structure and magnetism at the different length scales [7–9]. Despite their different martensitic
configuration with respect to bulk materials, thin films also provide a suitable platform to study the role
of intrinsic and extrinsic properties in the martensitic transformation process and formulate models that
can be extended to bulk materials [10,11].
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Being a type of thermoelastic material, epitaxial Ni-Mn-Ga films form interrelated 3D hierarchical
patterns of twin boundaries in the martensitic phase to compensate the shear stress caused by the
symmetry reduction during the martensitic phase transition from the cubic austenitic phase to the
lower symmetry martensitic phase. The symmetry operator(s) for the twin boundaries connecting twin
variants, is (are) rotation or (and) mirror [12–15]. The hierarchical nature of the originating from the
self-accommodation occurring at the transition covers a broad range from nanoscale to macroscale [16].

For all the above-mentioned applications, the material cyclically undergoes one of the
following phenomena.

(1) Martensitic phase transition induced by magnetic field, stress, or temperature.
(2) Magnetic field-induced reorientation of the twin variants in the martensitic phase.

The first phenomenon is based on the magnetostructural phase transition between the high-
temperature austenitic and the low-temperature martensitic phases, while the latter only occurs in the
low-temperature phase. It originates from the high magnetocrystalline anisotropy of the martensitic cells,
which favors the alignment of the crystal cells in such a way that the magnetization easy axes of the cells
are parallel to the external magnetic field [4]. It is well known that a few obstacles, stemming from both the
intrinsic and extrinsic characteristics of the material, prevent the full exploitation of the aforementioned
properties in applications. Among the obstacles are the thermal and magnetic hysteresis [17], broadness
of the transition [18], and twinning stress [19], which are affected by several parameters, e.g., composition,
chemical order, crystal structure, geometric compatibility of the martensite and austenite [20], dynamics
of the transition [21], internal stress, and crystal defects. The two latter parameters are strongly linked to
the configuration of the twin variants in the martensitic phase, which covers a long range from nano- to
macro-scale [7,22,23].

Therefore, in order to find possible solutions to overcome these obstacles, it is necessary to gain
a comprehensive view of the configuration of the twin variants at the different length scales and its
evolution upon martensitic phase transition. In the literature, there are a few works focused on the
crystallographic structures and the martensitic configurations of epitaxial Ni-Mn-Ga thin films through
experiments and models [7–10,24–26]. However, the knowledge about the multiscale hierarchical
self-accommodation of the twin variants in the martensitic phase and its possible links to the transition
route is still limited, mainly due to lack of direct multiscale observation.

In this article, we report a multiscale study of martensitic Ni-Mn-Ga epitaxial films, characterized
by a seven-fold incommensurate monoclinic superstructure with lattice modulation along the [001]
crystallographic direction of the monoclinic setting [27]. In the martensitic phase, we directly visualize
the crystallography of the epitaxial films, the symmetry relations between the twin boundaries and the
interfaces between the different colonies of twin boundaries. We make use of various transmission
electron microscopy (TEM) techniques with resolution from the atomic- to the micro-scale. This enables
us to characterize the twin boundaries in a large-scale range. Our direct observations through TEM
techniques in cross-sectional view are combined with atomic force microscopy (AFM) topography
imaging vs. temperature. We propose a route for the martensitic forward and reverse transitions of the
films, highlighting the major role played by the different martensitic interfaces.

2. Materials and Methods

2.1. Experimental

Epitaxial Ni-Mn-Ga films (200 nm) were prepared using radio frequency (RF) sputtering technique
at elevated temperature (623 K) with a deposition rate of 0.1 nm s−1 and an Ar pressure of 1.5 Pa.
The first sample (#1) was grown directly on (100) MgO followed by post-annealing (3600 s at 623 K in
10−3 mPa) and local mechanical stress (normal to the substrate, straining the film along the edge of MgO).
The applied stress value was estimated to be >20 MPa, as described in [7], where complementary and
detailed results on this sample can be found. The second sample (#2) was grown on 50 nm Cr underlayer,
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and in turn grown on the (100) MgO substrate. No post-growth treatment was performed for this
sample. The composition measurement was performed using energy dispersive X-ray spectroscopy
(EDS, EDAX detector, NJ, USA), obtaining Ni52.7Mn19.9Ga27.4, Ni53.0Mn20.3Ga26.7, for samples #1 and
#2, respectively (uncertainty 1.0%). Atomic and magnetic force microscopy (Veeco Dimension 3100,
CA, USA) imaging (supplementary material Figure S1) confirmed the X-type microstructure for the
as-grown samples [26]. For sample #1, Y-type configuration stripes were induced by mechanical
stress [7]. The details of X- and Y-microstructures are reported in Section 2.2. Different TEM techniques
were performed with a JEOL 2200FS microscope (Tokyo, Japan) working at 200kV, i.e., high-angle
angular dark-field scanning transmission electron microscopy (HAADF), high-resolution transmission
electron microscopy (HR-TEM, Instrument), and selected-area electron diffraction (SAED). The lamellas
for TEM observations were prepared parallel to [100] MgO (sample #1) and [1−10] MgO (sample #2)
by focused ion beam lift-off technique using a Zeiss Auriga Compact scanning electron microscopy
(Jena, Germany) equipped with Focused Ion Beam (FIB). Iso-field magnetic curves over temperature
were measured by superconducting quantum interference device (SQUID) magnetometer (Quantum
Design, CA, USA). In situ atomic force microscopy imagining versus temperature were measured by
Dimension 3100 equipped with Nanoscope Veeco controller (Veeco Dimension 3100, CA, USA) using
MESP-V2 tips.

2.2. Basic Concepts on the Crystallography of the Twin Boundaries

Figure 1a shows the martensitic cell in the monoclinic (red) and the austenitic setting (black) with
respect to the MgO substrate directions. The martensitic seven modulation direction (MD) is along
c’ in the monoclinic setting, whereas it is along one of the <110> directions in the austenitic setting.
The easy magnetization direction in the two settings is b’ = c. In epitaxial Ni-Mn-Ga films, differently
from the bulk single crystals, the six {101} planes of the cubic austenitic cells are not equivalent.
As shown in Figure 1b, the two planes which are normal to the substrate plane are closely aligned to
the martensitic twin boundaries called Y-type, where the magnetic easy axis alternates in the plane
of the film (Figure 1c). The four remaining {101} planes of the austenitic cells, which are 45◦ inclined
with respect to the substrate, are closely aligned to the martensitic twin boundaries called X-type.
For these configurations, the easy magnetization axis of the martensitic cell alternates in and out of
the plane of the film (Figure 1c) [9]. As shown in Figure 1b, the six orientations of twin boundaries in
X- and Y-type regions are conjugated in three pairs, i.e., Y1–Y2, X1–X2, and X3–X4, and give rise to a
typical microstructure characterized by twin variants only oriented at 45◦ or at 90◦ with respect to the
substrate plane.

From the crystallographic point of view, X- and Y-type twin boundaries separate regions following
strict twinning relations (Figure 1d). The twinning operators are mirror or (and) rotation. Therefore,
based on theoretical models within the continuum theory of martensite, we introduce three atomically
sharp crystallographic twin boundaries, which are observed in our epitaxial films (for the crystallographic
description, see the Results section):

(1) Type I twin boundary, where the a and c axes of the martensitic cells (austenitic setting) alternate
through a mirror plane (K1 is the twinning plane, left panels in Figures 2e and 3d).

(2) Type II twin boundary, in which the a and c axes of the martensitic cells (austenitic setting)
alternate by a 180◦ rotation (around the η1 axis, middle panel in Figure 2e and right panel in
Figure 3d).

(3) Modulation twin boundaries (MTB), where only the modulation direction of the martensitic cells
alternates across the boundary (right panel in Figure 2e). In this type of boundary, both twinning
symmetry relations are satisfied [12,28,29].
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Figure 1. (a) Schematic representation of the relative orientations between the standard martensitic
(red) and the austenitic setting (black) with respect to the MgO substrate directions. The indices show
the three axes of the martensitic cell in the two represented settings. The martensitic seven modulation
direction is along c’, whereas it is along one of the <110> directions in the austenitic setting. The easy
magnetization direction in the two settings is b’ = c. The monoclinic non-right angle is β in the standard
setting and γ in the austenitic setting; (b) Schematic representation of the {101} cubic planes in the
Ni-Mn-Ga austenitic cell that are aligned with the twin boundaries in X-type and Y-type martensitic
twin boundaries. (c) Top view of the X- and Y-type twin boundaries, showing the orientation of the
magnetic easy axis in both the configurations. (d) Schematic representation of the martensitic interfaces
in X-type and Y-type connecting the colonies of the twin boundaries nucleated from different twinning
planes, color version is provided online.
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Figure 2. (a) SEM secondary electron image of sample #1 showing the coexistence of X-type and Y-type
configurations; (b) selected-area electron diffraction (SAED) pattern of the Y-type region showing the
parameters of the martensitic cell in the Y-type configuration, which have been fitted to 7M monoclinic
cell and the orientation of each axis; (c) large-scale cross- section high-angle angular dark-field scanning
transmission electron microscopy (HAADF) image of the sample; (d) magnified HAADF images of the
marked areas in panel (b) showing the type of twins (red for type I, blue for type II and purple for
modulation twin boundaries), the modulation directions are shown by double-headed arrows; (e) top:
schematic representation of the martensitic cell axis and the modulation direction in Y-type across type
I, type II and modulation boundaries (austenitic setting); bottom: the corresponding projection of the
modulation direction in the plane of the lamella (FIB-cut along [100]MgO).
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Figure 3. (a) Large-scale HAADF image of sample #2, the twin boundaries and the conjugation interfaces
are marked by blue, pink, and yellow lines; (b) HR-TEM of the marked area in panel (a) showing the
symmetry of the martensitic cells across the twin boundary and the conjugation interface; (c) FFT pattern
taken at the twin boundary (shown in panel (b), left) showing the a and the c axes (black lines) alternating
across the twin boundary, the yellow dashed lines aligned along the [001] and [1−10] directions of MgO
are guides for the eyes to evidence the observed cell misorientation; cell parameters are fitted to the 7M
monoclinic cell; (d) top: schematic representation of the martensitic cell axes and the modulation direction
in X-type across type I, type II boundaries (austenitic setting), bottom: the corresponding projection of the
modulation direction in the plane of the lamella (FIB-cut along [1−10]MgO).

Among the twinning systems, type I and type II and their related twinning stress are of special
interest, as they alternate the easy magnetization axis in the martensitic cell.

In the literature about Ni-Mn-Ga, the twinning stress of type II twin boundaries is reported to
be up to around twenty times lower than the type I counterpart, i.e., type II twin boundaries are
considered highly mobile upon applying external magnetic field [19,30,31]. Therefore, in order to
achieve giant magnetic field induced strain, type II twin boundaries are evidently desired.

In 2015, Yang et al. reported a combination of type I and type II twin boundaries for both X-type
and Y-type configurations in 7M Ni-Mn-Ga epitaxial films [25]. In 2017, Niemann et al. reported a
model for the X- and Y-type configurations, where combinations of eight compatible twin variants
nucleate diamond-like enclosed volumes of martensite. The diamonds grow until they meet each other
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or (and) meet the substrate. The midribs of the diamonds serve as the twin boundaries (type I, type II,
and modulation) [10].

In addition to the above twinning systems, there exist interfaces separating colonies of X- or Y-type
twin boundaries in larger scale, for which the exact atomically sharp twinning relations are not fulfilled.
These interfaces can be sorted into conjugation interfaces and non-conjugation interfaces, depending
on whether they separate colonies of conjugated or non-conjugated planes (Figure 1d) [32–34].

Simplified schematic representations of the twin boundaries nucleated from different {101} planes
and interfaces connecting the colonies of twin boundaries are provided in Figure 1d. The scheme
shows the twin boundaries as the inclined and vertical red lines (X and Y, respectively). The pink line
corresponds to a ridge and the yellow line corresponds to a valley [35], both can be categorized as
conjugation interfaces. The green lines are assigned for the non-conjugation interfaces [32–34].

3. Results and Discussion

The epitaxial crystallographic relations of the MgO substrate, Cr under layer (for sample
#2), and Ni-Mn- Ga cells were determined by TEM analysis as [100]Ni-Mn-Ga//(001)[110]MgO
for sample #1 and (001) [100]Ni-Mn-Ga//(001)[100]Cr//(001)[110]MgO for sample #2. The crystal
symmetry of the martensitic cells was characterized as sevenfold modulated monoclinic structure [27].
The crystallographic coordinates describing the martensitic cell are provided in Figure 1a. In order to
keep the coherency and simplify the description, the martensitic cells will be described only in the
austenitic setting (i.e., a, b and c, c is the shortest axis and the easy magnetization axis).

The cell parameters of the martensitic cells were measured by TEM and X-ray diffraction (Figure S3)
for sample #1 as a = 0.608 nm, b = 0.578 nm, c = 0.552 nm, γ = 91.5◦ and for sample #2 as a = 0.609 nm,
b = 0.577 nm, c = 0.552 nm, γ = 91.5◦.

3.1. Symmetry of the Twin Boundaries

To avoid the superposition of the twin boundaries across the TEM lamella, the cross section of the
samples were prepared along [100] MgO (for observing Y-type in sample #1) and [1−10] MgO (for
investigating X-type in sample #2).

Figure 2 shows the results obtained for sample #1, presenting the coexistence of X-type and
Y-type configurations. The Y-type configuration was induced by a local mechanical stress applied
after the growth (Figure 2a) [7]. The lamella for TEM investigation was prepared from the Y-type
region. The diffraction pattern taken from the [101] zone axis of the Y-type region is shown in Figure 2b.
Considering the orientation of the martensitic cells in the austenitic setting, the b axis of the cells lies
out of plane, whereas the a and c axes alternate in the plane of the film (the c axis being the shortest
axis and the easy magnetization axis). This is the typical pattern for the Y-type twinning configuration
in 7M monoclinic martensitic phase. The HAADF image of the whole lamella is shown in Figure 2c;
the three marked square areas are magnified and represented in Figure 2d. As can be seen, inside each
variant there are tiny contrast variations with certain directions, which correspond to the 7M contrast
modulation of the martensitic phase. The strategy we used to evaluate the type of twin boundaries in
Y-type configuration is based on the observation of changes of contrast modulation direction across
the boundaries, by HAADF and HR-TEM. This enables us to identify the types of twin boundaries
on a large scale. Based on this approach, three types of twin boundaries can be identified, which
have been marked with red, blue, and purple lines in Figure 2c,d. The direction of the modulation
only changes across the red and purple boundaries. As an example, in the middle HAADF image of
Figure 2d, the directions of the contrast variations across the boundaries are shown by double-headed
arrows. A higher resolution version of the right image in Figure 2d can be found in the supplementary
material (Figure S2a). In addition, in Figure 2e, the schematic explanation of the observed changes
is provided. If we consider the martensitic monoclinic cell in the austenitic setting, the direction of
the modulation always lies in the plane of the a and b axes (Figure 1b). For the top left scheme of
Figure 2e, the K1 mirror plane (type I) serves as the twin boundary by alternating the orientation of
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the martensitic cell, while for the middle image, the η1 axis (type II) serves as the twin boundary by
rotating the cell of about 180◦. As for the top right scheme, only the modulation direction (MD) of
the cell alternates across the twinning plane. In all the three schemes, double-headed arrows show
the MD across the twin boundaries. In the bottom part of Figure 2e, the schemes show the relative
(with respect to the top schemes) projection of these MD across the twin boundaries in the plane of the
lamella (FIB-cut along [100] MgO), proving the types of twin boundaries in the Y-type configuration
of the prepared lamella. We scanned the whole Y-type region to find the distribution of the types of
twinning. Only the twin boundaries marked with red and purple in Figure 2c,d were found to have
type I and modulation symmetry relations. The rest of the twin boundaries evidently show type II
twin boundary. It is worth mentioning that close to the substrate interface (~50 nm), we observed a
pronounced branching of the twins with type I boundaries, which are shown in the supplementary
material (Figure S2). This represents an experimental evidence for the model proposed as the diamond
model of the nucleation and growth of the martensitic nuclei in Y-type configuration [24].

Figure 3a shows the HAADF image of the lamella prepared from sample #2, alternating stripes
with bright and dark contrasts, around 45◦ and −45◦ tilted with respect to the substrate, which are
typical of X-type configuration.

Besides X-type twin boundaries (marked with blue lines), some conjugation interfaces connecting
the colonies of differently inclined twin boundaries at the valley and ridges are marked with yellow
and pink, respectively.

The square marked area in Figure 3a is magnified in HR-TEM (Figure 3b). The corresponding
fast Fourier transform (FFT) (Figure 3c), taken at the top left twin boundary of Figure 3b, shows the
alternation of the a- and c-axes in the out-of-plane direction; the b-axis always lies in the film plane,
which is typically expected for X-type configuration. The FFT reveals a few degrees misorientation
of the a- and c-axes with respect to the [001] and [1−10] directions of MgO (dashed yellow lines).
In addition, a close inspection of HAADF and HR-TEM images enables us to determine the predominant
variant in sample #2. These latter results are consistent with the results obtained by XRD. More details
are reported in supplementary material, Figure S3.

For the X-type configuration, due to the orientation of the twin boundaries, as it is shown in
Figure 3d, the projections of the resultant MDs for both the mirror and rotation symmetry operators in
the plane of the lamella (FIB-cut along [1−10] MgO) are equal. In this case, the presence of the type II
twinning system for a cross section along [1−10] MgO is proposed in Ref. [10].

3.2. Evolution of the Interfaces

Figure 4a shows the HAADF image of conjugation interfaces separating colonies of differently
inclined twin boundaries. The conjugation interfaces highlighted in the HAADF image can be directly
visualized in the AFM plan view topography shown in Figure 4b. Ridges and valleys are revealed by
the height profile of the topography taken along the [1−10] direction of the MgO substrate (Figure 4d).
The corresponding MFM image (Figure 4c) shows an inversion of contrast at the conjugation interfaces.
The main source of MFM contrast is the variation of the stray field in the direction normal to the sample
surface; this reveals that the out-of-plane easy magnetization axis of the martensitic variants inverts
the direction across the conjugation interfaces. In order to schematize this effect in the atomic scale we
inserted arrows in Figure 3b to evidence both the crystallographic orientations and the magnetization
directions (i.e., c axis) across the conjugation interface.
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Figure 4. (a) HAADF image of sample #2 showing the ridges and valleys created by the conjugation
interfaces (pink and yellow lines); (b,c) AFM/MFM images of sample #2 at RT showing the conjugation
interfaces in plan-view (b) and the related disconnections in the magnetic domains (c); (d) height profile
(Z) of the topography (b) taken along the [1−10] direction of MgO (X), showing the position of the two
ridges and the valley; (e) topography image illustrating the conjugation and non-conjugation interfaces
(green lines) in plan-view; (f) HAADF image of sample #2 showing the non-conjugation interface (green
line) in cross section view, the geometry of the twins (blue lines) and the conjugation interfaces (pink
and yellow).

Figure 4a also shows a variation of the spatial twinning periodicity throughout the film
(Ʌ range ≈ 10–30 nm). It is evident that Ʌ decreases close the substrate for the twin boundaries that
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connect at the ridges, while Ʌ decreases close the surface for the twin boundaries that connect at the valleys.
The twin boundaries with low twinning periodicity in the ridge position (pink line) do not reach the surface,
while those in the valley position (yellow line) do not reach the Cr underlayer; evidently, because they
meet each other before growing through the whole thickness of the film, therefore their further growth is
hindered. In addition, more symmetric conjugation interfaces are observed in the lamella at the ridges
rather than at the valleys (Figure 3a). Symmetric conjugation typically appears when the two sides of
the conjugation system meet at the registry [34]. In the present case (i.e., Ni-Ni-Ga film), it could occur
when the twins nucleate at the same point (or grow equally towards each other). All these observations
are coherent with in situ AFM topography measurements vs. temperature, and can be explained by a
transition route, in which the nucleation of the twin boundaries initiates from the ridges and proceeds until
they meet at the valleys, at non-conjugation interfaces or they reach the substrate (Figure 4a). This route
will be discussed in detail below.

The other type of martensitic interface, which was shown schematically in Figure 1d, is the
non-conjugation interface. An example of this type of interface is shown in the topography plan view
(Figure 4e) and HAADF cross section (Figure 4f). They show a blurred region on the right side of the
image and a region with well distinguishable twin boundaries on the left side separated by an inclined
green line. In the blurred region, the orientations of the twin boundaries are superimposed and parallel
to the lamella, causing the observed blurredness. The relative orientations of the twin boundaries are
highlighted by blue lines, while the ridge and valley by pink and yellow lines, respectively.

In the martensitic forward and reverse transitions, the interfaces play an important role.
In thermoelastic materials, the martensitic forward transition starts with the formation of the phase
boundaries and proceeds with moving the phase boundaries, propagating the martensitic phase at the
expense of the austenitic phase. The nucleation of the lower symmetry phase is energy costly, a cost
which needs to be compensated. To reduce the energy cost, the transition initiates by a heterogeneous
nucleation of the low symmetry phase from the most vulnerable regions (e.g., defects, impurities,
scratches, etc.). On the other hand, in the reverse transition (martensite to austenite) the material
transforms back to the high symmetry austenitic phase [35]. Residuals of untransformed austenitic
phase inside the martensitic phase have been suggested to serve as the starting points for the reverse
transition. In the literature, the above-described martensitic interfaces are generally suggested to be
the regions maintaining the residuals of the untransformed austenitic phase [36].

In this work, in order to clarify this point, we explored the X–Y interfaces (Figure 2) and X–X
interfaces (Figure 3, both conjugation and non-conjugation) by HR-TEM. No trace of the austenitic
phase was found at room temperature by FFT and SAED analysis.

To deepen the phenomenology of the transition, we measured the evolution of the interfaces
(conjugation and non-conjugation) upon phase transition by in situ topography imaging vs. temperature
(Figure 5) in sample #2 (all X-type). In X-type microstructure, the pronounced corrugation of surface
can be clearly imaged through height contrast by means of atomic force microscopy measurements.
In contrast, in the Y-type microstructure, the twin structure can be scarcely visualized by height contrast
because of the very small surface corrugation it gives rise to [9]. Sample #2 was cooled down from 345 K
to 300 K and subsequently heated up to 345 K, capturing the topography images in different stages of
the forward and reverse transition. Figure 5a shows the status of the sample at 328 K (austenitic phase).
As the temperature is decreased to 321 K (Figure 5b), the X-type twin boundaries nucleate in isolated
regions (ridges, some of them are highlighted), which then continue to nucleate and grow towards
each other. The highlighted areas in Figure 5c show the valleys and the non-conjugation interfaces,
which are not yet transformed. Upon further decreasing temperature to 315 K (Figure 5d), the scanned
area fully transforms to the martensitic phase.
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Figure 5. Tracing the formation and annihilation of the interfaces in sample #2 by means of in situ
topography imaging vs. temperature. AFM images were captured in different stages of the forward and
reverse transition (345K-300K-345K): (a) 328K, the film is in the austenitic phase; (b) 321K, nucleation of
the martensitic phase starting from the ridges (conjugation interfaces), some are highlighted; (c) 320K,
twin boundaries continue to nucleate and grow till they meet each other, the highlighted valleys and
non-conjugation interfaces have not transformed yet; (d) 315K, the film is in the martensitic phase, the
valleys and the non-conjugation interfaces have transformed as well; (e) 326K, the material transforms
back to the austenitic phase starting from the valleys and the non-conjugation interfaces; (f) 327K, only
the ridges are still untransformed; (g) height profile of the marked area (the two ridges and the valley
are assigned by the pink and yellow dash-lines, respectively); (h) initial magnetization vs. temperature
curve of the sample with schematic correspondence between the imaging temperatures and the curve.

One can trace the positions of the ridges, valleys, and the non-conjugation interfaces. Upon subsequent
heating (to 326 K, Figure 5e), the reverse transition takes place, starting from the positions of the valleys and
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the non-conjugation interfaces. Figure 5f shows that the ridges degrade at the final stages of the reverse
transition. In order to better visualize the positions of the interfaces, the height profile of the marked
areas in Figure 5a,d are shown in Figure 5g. As it is shown in Figure 5g, a kind of nanometric surface
relief evidently pre-exists close to the martensitic transition. Identifying the origin of this surface relief
requires further investigation, taking into account different possibilities, e.g., short-range ordering [37] and
the thermomagnetomechanical history of the sample [38]. Finally, for the same sample, the martensitic
transition can be followed on the low field magnetization curves over temperature, which are reported in
Figure 5h.

With these results, we propose that the nucleation of the martensitic phase in sample #2 starts
from the positions of the ridges on the surface of the sample. The twin boundaries continue to nucleate
and grow towards each other and towards the substrate, until they meet at the valleys and at the
non-conjugation interfaces. However, for the reverse transition the non-conjugation interfaces and
valleys transform to the austenitic phase at the initial stages of the transition, while the ridges are the
last to transform.

In light of our experiments, we emphasize the primary role played by the interfaces in the
transition route, and we can deny that it has to be related to residuals of the austenitic phase.

Ni-Mn-Ga cells on the surface of the film provide an additional degree of freedom compared to
the cells at the interface with the substrate, which impose huge pinning constraint [39]. The surface of
the film serves as the interface for the heat exchange, facilitating the transition [40]. Therefore, upon
the forward transition, it is likely that the heat exchange favors the nucleation of the martensitic phase
primarily on the surface and at the ridges having convex shape.

In addition, these coarse corrugations break the elastic homogeneity of the material, facilitating
the heterogeneous nucleation of the martensitic phase. Upon the nucleation of the martensitic twin
boundaries and their subsequent growth in the austenitic matrix, the created elastic strain energy
typically dissipates in the form of heat and acoustic waves and partially stores in the material in the
form of stored elastic energy. This energy is related to the irreversible steps of the transition, e.g.,
the obstacles stopping the growth, therefore it is thermodynamically irreversible [41]. The stored
elastic energy works like a spring by partially storing the strain energy during the forward transition.
Over the reverse transition, the stored energy is released back serving as a driving force; therefore, it
could be mechanically reversible.

For a multivariant system, where the self-accommodation of the twin variants takes place by the
coalescence of differently oriented equivalent boundaries, the dissipation and storage of the elastic
strain typically occurs locally upon the nucleation as well as at pinning obstacles [41]. This makes
conjugation and non-conjugation interfaces the critical regions of the sample (Figure 4).

The size of twin boundaries is expected to be directly proportional to the dissipated energy over
the martensitic transition [22]. Thus, the stored elastic energy is expected to be inversely proportional
the size of the twin boundaries. The low-twinning periodicity boundaries in Figure 4a,f, which do not
grow across the whole thickness of the film, are expected to have a larger portion of stored elastic energy.

The stored elastic energy also regulates the sequence of the transition of the twin boundaries:
in Figure 5, the first twin boundaries that appear at the forward transition are the last boundaries
to disappear at the reverse transition, which is in agreement with the model proposed in [41,42] for
thermoelastic martensites. In fact, the boundaries that appear first over the forward transition are
typically the largest, which dissipate the largest energy in the form of heat and acoustic waves and
store the lowest elastic energy. On the contrary, the boundaries that appear as the last over the forward
transition are typically the smallest, which dissipate the lowest energy in the form of heat and acoustic
waves and store the highest portion of elastic energy. These smaller boundaries annihilate first over
the reverse transition (compare Figures 4 and 5).

Recently, the transition temperature of a 400 nm epitaxial Ni-Mn-Ga film was investigated by a
nanolocalized scanning thermal microscopy, reporting a considerable temperature gradient (~20 K) for
the reverse phase transition of different regions of the sample [43]. Based on the route provided in
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this study, the reported temperature gradient is likely to be linked also to the transition temperature
difference for the martensitic interfaces (i.e., ridges and valleys).

In a system where the transition involves the nucleation and growth of a ferromagnetic phase in a
paramagnetic matrix, such as our Ni-Mn-Ga thin film, surface topography and spatial distribution
of nucleation sites may have an important influence on the magnetostatic energy. A quantitative
evaluation in the specific case would require an accurate modeling, such as proposed for bulk
La-Fe-Si [44], a system for which the preferential nucleation of the ferromagnetic phase at the convex
areas has been experimentally demonstrated [40].

Our investigation provides a direct evidence of the major role played by the martensitic interfaces
on the forward and the reverse transition in epitaxial Ni-Mn-Ga films (Figure 5). We propose that the
forward transition initiates heterogeneously from the position of the conjugation interfaces, i.e., ridges
on the surface of the film. The twin boundaries continue to nucleate and grow until they meet at the
conjugation interfaces, i.e., valleys and the non-conjugation interfaces, where the growth is hindered.
In these regions, the elastic strain energy created during the transition is partially stored. The stored
energy in these regions serves as the driving force for the reverse transition by initiating the nucleation
of the austenitic phase.

4. Conclusions

We investigated the crystallographic relations between the twin boundaries and interfaces in
Ni-Mn-Ga epitaxial films from the atomic scale to the microscale and accompanied this investigation
with the direct observation of the evolution of the martensitic interfaces vs. temperature.

Based on the symmetry relations between the twin variants, we identified the types of twin
boundaries and the twinning interfaces, i.e., ridges, valleys, and non-conjugation interfaces.

Using the change of modulation direction across the boundary observed by HAAFD and HR-TEM,
in Y-type regions we were able to determine the presence of type I, type II, and modulation twin
boundaries with a dominant presence of type II.

Beyond these findings, we propose a transition route originating from the martensitic configuration,
highlighting the major role played by the different martensitic interfaces. The forward transition starts
with the heterogeneous formation of twin boundaries at the position of the ridges on the surface of
the film and moves towards the substrate. The twin boundaries continue to nucleate and grow until
they meet at the other kind of conjugation interfaces, i.e., valleys, or at non-conjugation interfaces,
where the growth is hindered. In these regions, the elastic strain energy created during the transition is
partially stored. This stored energy serves as the driving force for the reverse transition by initiating
the nucleation of the austenitic phase.

In conclusion, this paper sheds light into the direct link between the martensitic configuration at
the different length scales and the martensitic forward and reverse transitions. The present results
represent a step forward in the understanding of the transition processes and pave the way to the
possibility of tuning the characteristics of the transition, e.g., hysteresis and transition width, by
microstructural engineering aimed at the full exploitation of martensitic Heuslers in cyclic applications.

Supplementary Materials: The following are available online at http://www.mdpi.com/1996-1944/13/9/2103/s1,
Figure S1: (a,b) atomic force microscopy images and (c,d) magnetic force microscopy images at room temperature
showing the typical X-type microstructure for the as-grown sample #1 and #2, Figure S2: Type of twin boundaries
in the Y-type configuration of the lamella prepared out of sample #1: (a) HAADF image of the lamella, examples
of different types of twins are highlighted. In addition, the observed branching of the Y-type twins close to the
MgO interface is highlighted, (b) HR-TEM of an example of the type I twin boundaries alternating the modulation
direction of the cells across the boundaries near the substrate and Figure S3: X-ray diffraction of sample #2 at
223 K, the dark blue shows the {h00} family of epitaxial peaks in a normal theta-2theta scan for 2theta = 58–70◦
and the purple shows the asymmetric scan (2◦ offset). The (400) and (004) martensitic peaks measured in the
asymmetric scan are assigned for the a and c-axis of the martensitic cells out-of-plane of the film, respectively.
The relative intensity counts of the two peaks is reported in the figure. Considering the possible errors of the
measurement and the calculations, the values are in reasonable agreement with the relative intensity counts
calculated from the STEM image of the lamella #2 for a and c-axis out-of-plane of the film (34% a-axis and 66%
c-axis) As it was explained in the manuscript, the peaks related to the out-of-plane a and c-axis typically appear
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with slight misorientation with respect to the substrate normal plane due to the slight (CW or CCW) rotation of
the martensitic cells around the b axis upon the formation.
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Abstract: Bimetallic nanomaterials in the form of thin film constituted by magnetic and noble
elements show promising properties in different application fields such as catalysts and magnetic
driven applications. In order to tailor the chemical and physical properties of these alloys to meet the
applications requirements, it is of great importance scientific interest to study the interplay between
properties and morphology, surface properties, microstructure, spatial confinement and magnetic
features. In this manuscript, FePd thin films are prepared by electrodeposition which is a versatile and
widely used technique. Compositional, morphological, surface and magnetic properties are described
as a function of deposition time (i.e., film thickness). Chemical etching in hydrochloric acid was used
to enhance the surface roughness and help decoupling crystalline grains with direct consequences
on to the magnetic properties. X-ray diffraction, SEM/AFM images, contact angle and magnetic
measurements have been carried out with the aim of providing a comprehensive characterisation of
the fundamental properties of these bimetallic thin films.

Keywords: FePd alloy; electrodeposition technique; magnetic properties; structural characterisation

1. Introduction

Bimetallic nanomaterials, composed by a noble element and a magnetic metal, have attracted a
growing interest in the scientific community because they show together the properties of both metals
in addition to confinement effects [1–4]. Noble metals play a central role in the area of catalysis [5,6];
whereas the magnetic metal elements (Fe, Co, Ni) with specific magnetic properties offer the possibility
to easily recover and reuse the bimetallic nanostructured catalysts after the completion of the reaction
and/or the chemical processes [7,8]. In particular, the magnetic separation process provides a practical
and useful technique for recycling the magnetic nanostructured catalysts [7,8].

Additionally, the magnetic–noble bimetallic nanomaterials exhibit not only a simple combination
of the properties associated with their single elements but they perform enhanced catalyst activity,
modified catalyst selectivity or improved catalyst stability with respect to the monometallic catalysts:
Sun et al. [9] reveal that the addition of Fe significantly enhances the hydrodeoxygenation activity of
Pd/C; Zhao and Gorte [10] found that the activity of Pd/ceria catalysts increases by as much as an order
of magnitude upon the addition of a controlled amount of Fe for the water-gas shift; Mu at al. [11]
demonstrated that the synergistic effect between Pt and Ni enhances the activity to CO oxidation;
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additional enhanced catalyst activity by means of magnetic–noble nanomaterials can be found in
literature [12–16].

In view of their applications, magnetic–noble bimetallic nanomaterials should be produced
in large quantities and at low costs. While nanoparticles may relatively comply well to these
constraints, other forms of nanomaterials, such as thin films, could be more difficult to adapt, as their
preparation techniques often require large and complex setups with well-controlled vacuum conditions.
Electrodeposition technique helps overcoming some of these constraints, being a relatively low-cost
and scalable approach for growing metallic thin films, even in the form of bimetallic alloys [17].

Within this context, it is of great importance and scientific interest to design and develop new
multifunctional magnetic–noble bimetallic nanomaterials and to study the interplay between the
properties and their microstructure, synthesis technique or spatial confinement, as the multiple available
degrees of freedom could be exploited to tailor the properties to the desired application [2,15,18–20].
In the case of thin films, both bulk (e.g., grain size) and surface (e.g., roughness, surface-to-volume
ratio) characteristics turn out to play fundamental roles in determining the resulting properties of
the nanomaterial and to define the catalytic activity, therefore an adequate control during the growth
process or the subsequent chemical etching is strictly required [21,22].

In this manuscript, we deal with this large subject by focussing on bimetallic thin films combining
the noble metal, Pd, with the magnetic transition metal, Fe [23–27]. The former is attracting a wide
interest for its catalytic properties, whereas the second, among the magnetic ones, is the least expensive.
The FePd bimetallic nanomaterials are prepared in thin films form by electrodeposition, which allows
obtaining a Fe-rich composition, and offers the possibility to easily control the film thickness by simply
picking the desired deposition time. The surface (e.g., roughness) and magnetic properties depend
on the film thickness, as specific microstructure and morphological features develop as a function of
deposition time. The Fe-rich composition of the alloy combined with the higher removal rate of the Fe
atoms than the one of the Pd atoms through chemical etching in hydrochloric acid allow to refine the
roughness on the thickest films and to help the decoupling their grains. Such changes resulted in the
ability to fine tune the magnetic properties and increase the surface-to-volume ratio. X-ray diffraction,
as well as roughness, contact angle and magnetic measurements have been carried out with the aim of
providing a comprehensive characterisation of the fundamental properties of these magnetic–noble
bimetallic thin film.

2. Materials and Methods

Binary FePd alloy was potentiostatically electrodeposited in a cylindrical electrochemical cell [28],
in which a thin foil of platinum acts as counter electrode, a conductive substrate as working electrode
and an Ag|AgCl electrode as a reference electrode (VAg|AgCl =+ 0.239 V vs. standard hydrogen electrode
at 25 ◦C). The reference electrode and the working one were mounted into the electrochemical cell in a
horizontal arrangement. The depositions were performed at room temperature without stirring the
solution. According to the previous work of Konczak et al. [29], the electrolyte composition is 0.01 M
Pd(NH3)4Cl2, 0.06 M sulfosalicylic acid (SSA), 0.05 M Fe2(SO4)3 7H2O, 0.3 M (NH4)2SO4 (pH = 5). The
magnetic FePd thin film was deposited on the working electrode constituted by a Si/SiO2 substrate
made conductive by the deposition of an Au layer. The adhesion of Au layer on SiO2 surface was
ensured by a thin Ti layer deposited between them. Prior to the FePd electrodeposition, the substrates
were cleaned consecutively with acetone, isopropanol and de-ionized water in an ultrasonic bath.

The deposition potential was fixed at E0 = −1.2 V vs. VAg|AgCl selecting three different deposition
times: 500, 150 and 50 s; the three electrodeposited FePd thin film samples were labelled S500, S150 and
S50, respectively.

Scanning Electron Microscopy (SEM) was used to study the morphology of the electrodeposited
samples. A software analysis of SEM images enables to calculate the size distribution of the grains.
SEM was equipped by energy dispersive x-ray spectrometer (EDS) in order to evaluate the stoichiometry
of the FePd alloy.

198



Materials 2020, 13, 1454

Thickness and surface morphology of all samples were characterised by means of Atomic Force
Microscopy (AFM) operating in intermittent contact mode with the oscillation frequency and amplitude
set point achieved by the tuning of the cantilever.

The film thickness was evaluated measuring the height of a well-defined step obtained by
a lithographic process between the FePd film and the underlying substrate, see Figure S2 in the
Supplementary Materials; the measured thickness was 51, 400 and 631 nm for the S50, S150 and S500
sample, respectively.

From 2D AFM profiles, roughness parameters are calculated such as the root mean square
roughness (Rq), the mean slope of the roughness motifs (1/Kr) and the steepness of the sample surface
(Rq/ξ) [30–35]. The 1/Kr parameter is defined as: Kr= AR/R, where R is the mean depth of the
roughness motifs and AR is the mean spacing of the roughness motifs [30]; whereas the ξ parameter is
the correlation length that reflects the average distance between consecutive peaks on the surface [34].

In the manuscript, roughness (Rq) is reported as the average value and standard deviation of
several measurements in different points of the sample surface.

The structure of the as deposited FePd thin films was investigated by grazing angle X-ray
diffraction (XRD) with a Cu-Kα radiation. The incident X-ray beam was set at a constant grazing angle
of 0.6◦ for all measurements. The moving detector, instead, was rotated around the sample with a
step size of 0.02 degrees and an acquisition time of 40 s per step, which were found to provide a good
signal-to-noise ratio. A substrate pattern got before electrodeposition was collected and used as a
reference in the reflections assignment.

Wettability properties of the samples surface were investigated by means of contact angle
measurements performed at room temperature in which a droplet, with a volume of approximately
1 μL, is released from the tip of a calibrated micropipette on the sample surface. Each contact angle
value is calculated as the average of at least six measurements in different points of the sample surface.

Magnetic measurements were performed using an Alternating Gradient Field Magnetometer
(AGFM) working in the field interval −18 kOe ≤ H ≤ 18 kOe in the parallel configuration
(applied magnetic field in the sample plane). Hysteresis loops were obtained at room temperature for
all samples and the diamagnetic signal of sample holder and film substrate was adequately subtracted.

First Order Reversal Curves (FORC) [36–38] have been measured with the same AGFM instrument,
with the aim of identifying reversible and irreversible magnetisation reversal processes in the
samples, and their dependence on inter-grain coupling. Such measurement technique results in
a FORC-distribution [39] that can be used to express the spreading of the irreversible magnetisation
reversal mechanisms taking place in the sample, as a function of local coercive field HC values
and mutual magnetic interactions among grains, expressed in terms of a so-called bias field HB.
Therefore, the peak of the FORC distributions measured for all the studied samples will be analysed to
identify the spreading of local coercive field values, due to the grain size distribution in the sample,
and the presence of inter-grain interactions affecting the magnetisation reversal processes.

All as-deposited samples were chemically treated for 5 h in a 2 molar aqueous solution of
hydrochloric acid without applying any external potential and labelled S500_5h, S150_5h and
S50_5h, respectively.

The morphological and surface transformations and the magnetic variations induced by the
chemical treatment were characterised by means of the aforementioned experimental techniques.

3. Results and Discussion

Current density (j) vs. time curves recorded during the potentiostatic deposition of FePd thin
film samples are shown in Figure 1a. At the beginning of the electrodeposition process, the j(t) curves
show a reduction of their absolute value reaching a minimum (|j|min) at around 20 s (indicated by the
grey vertical dashed line in Figure 1a); this first portion of curve corresponds to the accumulation
of a capacitive charge at the interface between the electrode and the solution [40]. Later, the FePd
deposition occurs at an increasingly negative current density, which stays approximately constant
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only in the time interval 25–60 s (time interval between the grey vertical dashed and dotted lines in
Figure 1a).

Figure 1. (a) Current density as a function of time recorded during the potentiostatic deposition of FePd
thin film samples; (b) root mean square roughness (Rq) as a function of variation of current density
values Δ j (see text for details) over the deposition time.

After that, the strong increase in |j|(t) over time, observed for the deposition of S150 and S500
samples, indicates that the deposition conditions are changing and that the surface area of the working
electrode is increasing [40,41]. As a consequence, the formation and growth of an increasingly rough
film over deposition time is expected.

This hypothesis is corroborated by the results of surface analysis of the samples obtained by the
AFM; representative images for all samples are reported in Figure 2. Indeed, the root-mean-square
roughness (Rq) values measured from the AFM images turn out to monotonically increase as a function
of electrodeposition time.

Figure 2. Root mean square roughness (Rq) for as-deposited and chemical etched samples as a function
of electrodeposition time. At the right, the corresponding AFM images, identified by the same symbols
and colours used in the graph.

In addition, the Rq increase is also linearly correlated with the Δ j =
∣∣∣∣
(
jstop − jmin

)
/ j
∣∣∣∣ parameter

(see Figure 1b), which takes into account the variation of current density values over the deposition
time; jstop is the current density value at which the electrodeposition process is stopped. This correlation
indicates that the progressive increase of working electrode surface area is developed by means of an
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increasing of surface roughness. This behaviour makes the growth in thickness nonlinear as a function
of the deposition time.

The grazing angle patterns of electrodeposited FePd thin films are reported in Figure 3.
The contribution of the substrate is evident in all samples, independent of their thickness. Reflections peaks,
labelled as black triangles in Figure 3, are associated to an α-(Fe, Pd) solid solution phase: however their
position is shifted to lower angles at decreasing deposition time, meaning that a variation of stoichiometry
and a different ratio of deposition are taking place. This issue, already reported in literature [42], is due to
a local increase of pH of the near-electrode layer, that can cause the precipitation of iron hydroxide at quite
negative potential, when the electrodeposition bath does not contain complexing agents: in this work,
the addition of sulfosalicilic acid and Fe3+ ions as an iron source instead of Fe2+ avoids iron hydroxide
precipitation [29] but not the local pH increase; as a consequence, a change in the pH occurs. Furthermore,
the hydrogen evolution at the sample surface favours the inclusion of hydrogen into the deposit [42].

Figure 3. Grazing angle XRD pattern of: (a) substrate and electrodeposited FePd thin films (b) S50, (c)
S150, (d) S500.

When deposition is performed for longer times (sample S500, cyan pattern in Figure 3),
the fluctuation of the electrolyte composition in proximity of the working electrode becomes stronger,
causing the deposition of a further phase identified as almost pure palladium [43].

A significant amount of a tetragonal Pd1.5H2 phase appears in all samples due to the high affinity
between hydrogen and palladium [44,45]. The formation of this metal hydride usually induces a lattice
distortion followed by surface cracking [46]; however, SEM images reported in Figure 4 do not show
this evidence.

A shift of reflections of the Pd1.5H2 phase is observed on decreasing the time of deposition. This is
possibly due to change in stoichiometry of the hydride phase as a consequence of the increase of pH
and, therefore, the amount of Pd electrodeposited.

The ratio of Fe:Pd was determined using EDS resulting in Fe68Pd32, Fe66Pd34 and Fe69Pd31 for
S50, S150 and S500 sample, respectively. However, these stoichiometry values of as-deposited FePd
alloy are affected by a high error because the EDS technique is not able to detect the H atoms present in
the samples (Pd1.5H2 phase observed by XRD) and, as a consequence, it is not possible to distinguish
the correct fraction of the Pd atoms present in the FePd alloy from those in the Pd1.5H2 metal hydride.
Therefore, these EDS data are only used as a reference value to obtain the variation of Fe content in
each sample after the chemical etching, as discussed in the following.

If the Rq value (shown in Figure 2) mainly provides information on the change of the morphology
along the vertical direction, the lateral growth of the grains as a function of electrodeposition time was
studied by means of SEM measurements.
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Figure 4. SEM images of as-deposited (a) S50, (b) S150, (c) S500 samples and etched (d) S50_5h,
(e) S150_5h, (f) S500_5h samples in a 2 M aqueous solution of HCl for 5 h.

The surface of electrodeposited samples shows a rough granular morphology constituted by
spherically shaped grains with different size as a function of deposition time (see Figure 4a–c).
In particular, the grain size of FePd thin films is observed to increase significantly as a function of
deposition time. In the early stages of the deposition, several nucleation centres on the Au substrate
are localized and, for short deposition time intervals, the grains do not have a chance to grow and the
film appears dense (see Figure 4a). As a consequence, the S50 sample displays small grains uniformly
distributed over the substrate surface characterised by a narrow size distribution (Figure 5a) with a
mean value < D > ≈ 85 nm, as shown in Figure 5c.

Figure 5. Grain size distributions of: (a) as-deposited samples and (b) etched samples in a 2 M aqueous
solution of HCl for 5 h; (c) grain mean diameter < D > evolution as a function of electrodeposition time.
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On increasing the deposition time, the grains are able to grow in spherical shape and their size
distribution becomes wider (see Figure 5a) and the mean value increases to < D > ≈ 133 and 395 nm
for the S150 and S500 sample, respectively, as shown in Figure 5c. The observed simultaneous increase
of surface roughness and of the grain size indicates a 3D growth in the films as a function of the
electrodeposition time, and is probably related, as already mentioned above, to the current density
variation j(t) during the potentiostatic electrodeposition. The |j(t)| increase over the deposition time
(see Figure 1a) promotes an increasingly rapid growth of independent grains over the coalescence
growth mechanism by inhibiting a compliant film deposition.

The electrodeposited FePd alloy samples were chemically treated for 5 h in a 2 molar aqueous
solution of HCl acid in order to induce a free corrosion of the sample surface promoting a variation of
its morphological and physical properties.

The measured FePd alloy stoichiometry after the chemical treatment is Fe66Pd34, Fe63Pd37 and
Fe60Pd40 for S50_5h, S150_5h and S500_5h sample, respectively. The observed variation of the
stoichiometry with respect to the initial values indicates that a selective dissolution of the FePd alloy
occurs in which the removal rate of the Fe atoms is higher than the one of the Pd atoms in all samples.
This effect is similar to a dealloying process [18,47–50] in which the less noble element of the alloy, Fe in
FePd alloy, is selectively removed by the 2M HCl solution. The percentage reduction of Fe contained
in the FePd alloy before and after chemical etching for each sample is shown in Figure 6.

Figure 6. Percentage reduction of Fe contained in the FePd alloy before and after chemical etching as a
function of the electrodeposition time.

The Fe reduction rate is not constant among samples, but it monotonically increases as a function
of the electrodeposition time. This effect can be ascribed mainly to the different fraction of sample
surface area exposed to the aggressive 2 M HCl solution. The previous characterisations of Rq and
< D > values indicate that the as-deposited S500 sample shows the biggest exposed surface area,
in agreement with the highest Fe dissolution rate during the chemical process. On the other hand,
the as-deposited S50 sample characterised by a low Rq and small grains size exposes a lower surface
area to the acid solution making the chemical etching very slow.

The morphological transformations of the surface of FePd thin films induced by the chemical
etching were characterised by the aforementioned AFM and SEM techniques. A primary consequence
of the selective Fe dissolution is the increase of the average surface roughness (Rq) and of the associated
standard deviation. This effect is substantially clear for the S150_5h and S500_5h samples whose Rq

values increase to 63 and 340 nm, respectively, as shown in the Figure 2. On the contrary, the S50_5h
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sample keeps almost the same roughness properties as the as-deposited S50 sample indicating a
different response to the chemical etching.

In addition to the effect on surface roughness, also the grain size is affected by the chemical etching.
SEM images in Figure 4d–f show that the arrangement of the spherical grains in S150_5h and S500_5h
sample appear less dense with a slightly higher separation among them. No significant change is
visible in the S50 sample, where the structure does not seem to be altered by treatment in HCl acid
(see Figure 4a,d).

In addition, Figure 5b shows the variation of grain size distribution induced by the chemical
treatments. The grain size distribution of the S500_5h sample is uniform over a much wider
dimensional range than the one of as-deposited S500 sample and with an average grain size reduced
to < D > ≈ 282 nm (see Figure 5c). In particular, this enlargement of the distribution induced by the
chemical etching occurs completely towards smaller grain sizes while keeping the size of the larger
grains unchanged. This change in the distribution shape indicates that the corrosion rate is not uniform
on each grain but the as-deposited larger grains are more resistant. This evidence can be explained
by assuming that the alloy stoichiometry of the as-deposited larger grains is richer in palladium or
consists in pure palladium (as observed in XRD pattern), hindering the entire corrosion process.

The chemical treatment induces similar effects, but with less intensity, also on the grain size
distribution of the S150_5h sample (see Figure 5b,c). The average size < D > is slightly reduced and the
distribution becomes slightly more asymmetric towards lower size while maintaining a rather narrow
peak and a values dispersion comparable to the ones of as deposited S150 sample. On the contrary,
the effects induced by the same chemical etching on the grain size distribution of the S50_5h sample
are marginal since the average (see Figure 5b,c), the dispersion of the values and the distribution are
comparable to those of the as-deposited sample. In agreement to the EDS characterisation (see Figure 6),
the topographic and morphological features of the etched samples surface confirm that the etching rate
of the surface is strongly correlated with the surface area induced of the as-deposited samples.

The surface morphology of the sample strongly influences its wettability properties [31–35,51]
which are characterised by measuring the contact angle between a drop of water and the surface itself,
see Figure 7a. The measured contact angle values are reported for all samples in Figure 7b where no
significant differences are observed among as-deposited and etched samples. In particular, the contact
angle values increase as a function of electrodeposition time indicating a more hydrophobic surface.

Figure 7. (a) Water drop on the samples surface; (b) contact angle evolution as a function of electrodeposition
time for as-deposited and etched samples.
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Several models describe the connection between the wettability behaviour of a surface and its
roughness by means of some parameters calculated from 2D AFM profiles such as the mean slope
of the roughness motifs (1/Kr) and the measure of the steepness of the sample surface (Rq) [30–35].
Both 1/Kr and Rq/quantities, defined in the experimental section, include information both on the
horizontal distance and on the vertical profile of the peaks in order to give an overall description of the
contact surface on which the drop is released.

The 1/Kr and Rq/parameters were calculated for all studied samples both before and after the
etching treatment and their dependence on the measured contact angle is shown in Figure 8.

Figure 8. Contact angle values as a function of: 1/Kr parameter (dotted line) and Rq/ξ parameter
(dashed line) for as-deposited (full symbols) and etched (empty symbols) samples.

The 1/Kr and R/parameters monotonically increase as a function of contact angle and, therefore,
as a function of the deposition time (see Figure 7b) for both as-deposited and etched samples.
This development indicates a surface evolution over the deposition time, in which the vertical growth
of the peaks (expressed by R and Rq for Kr and Rq/ξ, respectively) is faster than the increase in
their horizontal distance (expressed by AR and ξ for Kr and Rq/ξ, respectively). This behaviour
disadvantages the spreading penetration of the droplet into the sharp local irregularities on the surface,
increasing the volume of air between the solid surface and the droplet [30]; as a consequence, the contact
angle value increases. Therefore, the wettability of the FePd sample surface decreases as a function of
deposition time becoming more hydrophobic (> 90◦). Similar wettability properties of film surface are
observed after the chemical etching.

Room-temperature hysteresis loops of S50, S150 and S500 samples are shown in Figure 9.
The magnetic field is applied in the FePd thin film plane and the curves are normalized to the
magnetisation value at H = 10 kOe. The magnetisation reversal process of the S50 sample displays the
typical features of a soft magnetic material [52]: a single irreversible magnetisation jump with a small
coercive field (Hc ≈ 6.3 Oe). This is also evident by analysing the FORC distribution as a function
of the coercive field, reported in Figure 10: the S50 sample is characterised by a sharp coercivity
distribution at low fields. By increasing the deposition time, the magnetisation reversal as observed
in the hysteresis loops of Figure 9a takes place on an increasingly wider magnetic field range; the
single irreversible magnetisation jump reduces its intensity whereas a reversible mechanism becomes
clearly visible with a slow approach of magnetisation to saturation. In addition, the coercive field
slightly increases to 11.7 Oe for the S150 sample and to 23.7 Oe for the S500 sample. This is reflected
in the FORC distributions of Figure 10, whose intensities decrease as the deposition time increases,
indicating a progressively reduced contribution of the irreversible processes to the magnetisation
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reversal, at the advantage of reversible rotation mechanisms, which do not contribute to the FORC
curves intensity. At the same time, the FORC distribution becomes wider as a function of the coercive
field as the deposition time increases, in agreement with hysteresis loops.

 
Figure 9. (a) Room temperature hysteresis loops of as-deposited samples; (b) room temperature
hysteresis loops of etched samples in a 2 M aqueous solution of HCl for 5 h; (c) evolution of coercive
field as a function of electrodeposition time for as-deposited and etched samples.

This evolution of magnetic properties is fully compatible with the morphology changes observed
by AFM and SEM characterisation and previously discussed. In the case of the S500 sample, the large
grain size and the consequent high roughness imply a dominant role of the grain shape and crystal
anisotropy in orienting the magnetisation. Therefore, at remanence the magnetisation is mostly
randomly oriented in space, following the local easy axes of individual grains; upon increasing the
applied field, reversible rotation processes bring the sample magnetisation to saturation. The same
picture holds for the S150 sample, where, however, the small grain size and roughness are responsible
for a smaller shape and crystal anisotropy energies; as a consequence, the reversible rotation processes
affect a smaller fraction of the total magnetisation and the saturation is approached in a narrower
field range. The S50 sample, instead, is characterised by smaller grain size and roughness, and a
more compact morphology; in this case, inter-grain interactions overcome the single-grain shape and
crystal anisotropy energies, inducing the formation of domain structures that cover several grains;
their anisotropies are then largely averaged out, resulting in a magnetically soft behaviour with a
fast approach to saturation determined by the absence of significant local anisotropies hindering the
domain wall motion and forcing magnetisation rotation.

The magnetic behaviour above described is isotropic in the film plane for all the as-deposited
samples as confirmed by the prefect superposition of the hysteresis loops measured in two in-plane
orthogonal direction, see Figure S1 in the Supplementary Materials.
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Figure 10. First Order Reversal Curves (FORC) distribution profiles as a function of the coercive field,
taken at a bias field HB = 0 for all samples, except S150. Full symbols correspond to as-deposited
samples; the equivalent open symbols correspond to the samples submitted to chemical etching.

Once the samples are submitted to chemical etching, some important changes in the hysteresis
loops take place, as shown in Figure 9b, as well as in FORC distributions vs. coercivity, depicted in
Figure 10. Overall, the sample deposited for 50 s remains the softer and with the steeper approach
to saturation, whereas for the other two samples the contribution of magnetisation rotation toward
saturation seems to have increased even further. Indeed, while for all three deposition times the FORC
distribution has a lower intensity after HCl etching, the decrease is way more pronounced for the
S150_5h and S500_5h samples with respect to the S50_h one, indicating, for them, a predominant
role of reversible rotation processes in the magnetisation reversal. However, the most significant
change with respect to the non-etched samples is the large variation of coercive field, summarised
in Figure 9c. As discussed earlier, the effect of the chemical etching process is to reduce and spread
the grains size, make the grains more far apart, and increase the roughness. This is reflected by the
FORC distribution of the three etched samples, that with respect to their as-deposited counterparts
display a much larger spreading of coercive field values, that are due to the increased size distribution
of the grains induced by exposition to HCl. As the grains are also more far apart, they also become
more magnetically decoupled; as a result, their reciprocal interactions become weaker with respect
to the as-deposited films. For the S50_5h sample this means that the mechanism of local averaging
out of the magnetic anisotropy is less efficient, and the coercive field increases. However, inter-grains
coupling is still largely present, due to the more compact morphology of this sample, that is little
affected by the chemical etching. As a consequence, the hysteresis loop still displays a fast approach to
saturation after the coercive field has been overcome, with just a slightly more pronounced contribution
of magnetisation rotation toward saturation.

At the opposite end, the S500_5h sample incurs in a similar evolution with respect to its as-deposited
counterpart: the coercive field increases, and the loop branches remain separated over a larger field
interval, indicating that irreversible processes are spread over a larger portion of the hysteresis loop,
in agreement with the much wider grains size distribution measured for this sample.
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The effects of the chemical etching on the magnetic properties are particularly evident in the
S150_5h sample, displaying the largest coercivity value and the most significant change of loop
and FORC distribution shape with respect to the as-deposited specimen. While grains borders
etching, spreading of grains size, and their magnetic decoupling are still responsible for the observed
variations of loop shape and coercive field values, in the S150_5h sample their effects are enhanced.
Indeed, while for the 50 s deposition time the etching process is not sufficient to decouple the
grains, and for the 500 s deposition time they were already largely independent in the as-prepared
state, the specimen deposited for 150 s incurs in a more complex evolution: in its as-prepared state,
and differently from all the other samples, the FORC distribution as a function of coercivity has its
peak at a bias field of -8 Oe, as indicated in Figure 10. The presence of such a bias field indicates
that the S150 sample is in a state where the dominant ferromagnetic behaviour is attributed to the
magnetic properties of the individual grains plus the effects of their mutual interactions; conversely,
the S50 sample magnetic properties are attributed to a collective ferromagnetic behaviour of the grains,
that lose their independence in favour of an averaging out of the local anisotropies, whereas for the
S500 one the magnetic properties are mostly due to the sum of those of the individual grains. After
chemical etching, the significant magnetic decoupling of the grains occurring in the S150_5h sample
induces the disappearance of the bias field in the peak of the FORC distribution, that goes back to HB

= 0 Oe, and the particularly enhanced changes of loop and FORC distribution shapes.
After the chemical etching, the isotropic magnetic behaviour in the film plane of all sample is

preserved, see Figure S1 in the Supplementary Materials.

4. Conclusions

Potentiostatically electrodeposited FePd alloy thin films are characterised by different morphological,
structural and magnetic properties as a function of electrodeposition time.

In addition to the desired α-(Fe, Pd) solid solution phase, XRD structural analysis reveals the
formation of a pure palladium phase in the S500 sample and a tetragonal Pd1.5H2 phase in all samples
due to the high affinity between hydrogen and palladium.

The increase of |j|(t) over deposition time indicates a progressive increase of surface area of
the working electrode with direct and strong influence on the surface roughness and the grain
size distribution of the FePd thin film. The FePd film surface appears dense and flat with small
and uniformly distributed grains for deposition time of about 50 s; for longer deposition time, an
increasingly rapid growth of independent spherical grains is observed favouring a reduction of film
density with a strong increase of surface roughness and grain size.

Magnetic properties are fully compatible with the structural and morphological properties of the
as-deposited samples. Soft magnetic features of hysteresis loop with a single irreversible magnetisation
jump and small coercive field are observed in S50 sample indicating that the magnetic anisotropy on
the film plane can be easily overcome. For longer deposition times, the increase of the roughness and
of the grain size strongly affects the magnetisation processes in which reversible rotations appear to
reach the magnetic saturation.

As-deposited samples show different response to chemical treatment (5 h in a 2 M aqueous
solution of HCl). In general, the observed variation of the Fe:Pd ratio induced by the chemical etching
indicates that a selective dissolution of Fe in the FePd alloy occurs in which the removal rate of the Fe
atoms is higher than the one of the Pd atoms in all samples. However, differences arise among the
different samples.

The flat and homogeneous surface of the S50 sample allows slow chemical etching and,
as consequence, the roughness and the average grain size keep almost the same values after the treatment.
On the contrary, the chemical etching is more efficient on the S500 sample surface characterised by
the biggest exposed surface area. In this case, a huge increase of the surface roughness and a
remarkable reduction of the grain size is observed with a slightly higher reciprocal distance; however,
the corrosion rate is not uniform on each grain but the as-deposited larger grains appear more corrosion
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resistant. The most significant change in the magnetic properties of the etched samples with respect
to the non-etched ones is the large increase of coercive field. This effect is due to the morphological
evolution of grains that induce weaker inter-grain interactions with respect to the as-deposited films.
Single-grain anisotropy (both shape and crystal) becomes more important over collective behaviour in
the etched samples, thanks to the magnetic decoupling of the grains, that is particularly evident in the
S150_5h sample. Even though the in-plane isotropic behaviour of all samples is not modified by the
chemical treatment, etched samples develop a magnetic behaviour more dominated by single-grain
properties, which results in an increased coercivity and a reduction of the irreversible contributions to
the magnetisation reversal, in favour of reversible rotations.

A hydrophobic behaviour of the surface is observed in all FePd thin films. As a function of
electrodeposition time, the 1/Kr and R/ parameters indicate that the vertical growth of the surface peaks
develops faster than the increase in their horizontal distance disadvantaging the spreading penetration
of the water drop into the sharp local irregularities on the surface and, as a consequence, the contact
angle value is observed to increase. No significant differences on the wettability properties of film
surface are observed after the chemical etching.

In conclusion, this work provides a comprehensive characterisation of the fundamental properties
of these FePd metallic thin films and demonstrates the ability to fine tune these properties opening the
way to further advanced studies focused on their possible use as catalysts with improved features of
activity, selectivity and stability combined to the possibility to recover and reuse them thanks to their
specific magnetic properties.

Supplementary Materials: The following are available online at http://www.mdpi.com/1996-1944/13/6/1454/s1,
Figure S1: (a) Room temperature hysteresis loops of as-deposited samples; (b) room temperature hysteresis loops
of etched samples in a 2 M aqueous solution of HCl for 5 h. 0◦ and 90◦ labels indicate the two orthogonal in-plane
directions along which the hysteresis loops are measured, Figure S2: FM profiles of the step height between the
substrate and the electrodeposited S500, S150 and S50 samples.
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Abstract: Synthetic antiferromagnets (SAF) are widely used for a plethora of applications among
which data storage, computing, and in the emerging field of magnonics. In this framework, controlling
the magnetic properties of SAFs via localized thermal treatments represents a promising route for
building novel magnonic materials. In this paper, we study via vibration sample magnetometry
the temperature dependence of the magnetic properties of sputtered exchange bias SAFs grown
via magnetron sputtering varying the ferromagnetic layers and spacer thickness. Interestingly, we
observe a strong, reversible modulation of the exchange field, saturation field, and coupling strength
upon heating up to 250 ◦C. These results suggest that exchange bias SAFs represent promising systems
for developing novel artificial magnetic nanomaterials via localized thermal treatment.

Keywords: synthetic antiferromagnet; exchange bias; interlayer exchange coupling; vibrating sample
magnetometry; CoFeB; thermally assisted magnetic scanning probe lithography; magnetron sputtering

1. Introduction

Synthetic antiferromagnets (SAFs) comprise ferromagnetic layers coupled antiferromagnetically
through a non-magnetic spacer, by interlayer exchange coupling (IEC), which is essentially a
Ruderman-Kittel-Kasuya-Yosida (RKKY) electronic coupling.

Starting from the first observation of the IEC in 1986 [1] and the subsequent study of the oscillatory
behavior of IEC as a function of the spacer thickness [2,3], SAF systems played a fundamental role in
the foundation of modern spintronics.

As in natural antiferromagnets, compensated SAFs present almost zero stray field and high
stability. Furthermore, the interlayer coupling is typically orders of magnitude weaker than the
exchange coupling between neighboring atoms in antiferromagnets, so that the manipulation of the
magnetic order in SAF is easier. Some of the features that makes SAFs extremely interesting for
applications is their wide applicability to in-plane as well out-of-plane magnetized materials, their
large tunability via layer thickness and material composition, and the possibility to combine SAF
and exchange bias by adding an antiferromagnetic layer to the stack. Throughout the years, SAFs
were successfully used in spin-valves [4,5] and magnetic tunnel junctions [6–9] as reference layers,
with applications as read heads in magnetoresistive [10,11] hard drives [12], magnetic random access
memories (MRAM) [13–15], microwave oscillators [16] and magnetic biosensors [17–22]. More recently,
SAFs have been proposed as base materials for racetrack memories [23], due to the higher domain
wall velocity with respect to single ferromagnetic layers [24], and their capability to host a range of
topological spin-textures [25]. SAFs have also raised considerable interest in the growing field of
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magnonics [26,27], due to the peculiar properties of spin-waves propagating in antiferromagnetically
coupled bilayers [28,29]. Furthermore, recently it has been demonstrated that localized thermal
treatments in combination with magnetic fields can be effectively used for manipulating the static
and dynamic magnetic properties of exchange bias systems [30–32]. In this framework, studying
the temperature dependence of their magnetic properties is of crucial importance. In this work, we
perform a systematic study of the magnetic properties of exchange biased SAF systems grown via
magnetron sputtering, varying the ferromagnetic layers thickness (from 25 nm to 45 nm) and the
spacer layer thickness (from 0.6 nm to 0.7 nm). In particular, we use vibration sample magnetometry
(VSM), for measuring quantitatively the hysteresis loops as a function of the in-plane field angle and
temperature, ranging from room temperature up to 250 ◦C. Then, from the hysteresis loops we extract
the exchange field, saturation field, saturation magnetization and exchange constant, and study their
dependence on temperature. This work sheds light on the temperature behavior of exchange biased
synthetic antiferromagnets, allowing the design and implementation of novel methodologies for the
thermally assisted control of their magnetic properties.

2. Materials and Methods

The samples were grown on Si/SiO2 (100 nm) substrates by employing an AJA Orion8 magnetron
sputtering system (AJA International, Scituate, MA, USA) with a base pressure below 1 × 10−8 Torr. All
the materials were sputtered in the DC mode from single stoichiometric targets, using the parameters
listed in Table 1. Note that two different conditions were employed for Ru: 3 mTorr for Ru films
exploited as a capping layer and 5 mTorr for Ru films used as interlayer in the synthetic antiferromagnet.
Indeed, the lower deposition rate at a pressure of 5 mTorr allows a better control on the Ru thickness,
fundamental to obtain a sizable interlayer exchange coupling of the two ferromagnets.

Table 1. Magnetron sputtering parameters.

Material Power (W) Ar Pressure (mTorr)

Ru 50 3
Ru SAF 50 5

Co40Fe40B20 58 4
Ir22Mn78 50 3

Before the deposition, the substrates underwent a soft etch in the same chamber at an Argon
pressure of 3 mTorr and an RF power of 20 W for 5’, in order to clean the surface. During the growth, a
30 mT magnetic field (HG) was applied in the sample plane for setting the magnetocrystalline uniaxial
anisotropy direction in the Co40Fe40B20 layer and the exchange bias direction in the as-grown sample.

After the growth, the samples underwent an annealing at 250 ◦C for 5 min, which promoted the
crystallization of the amorphous CoFeB and the IrMn layers.

Different sets of samples were studied, consisting of the stacks shown in Figure 1a, namely
Si/SiO2/Co40Fe40B20 t/Ru d/Co40Fe40B20 t/IrMn 10/Ru 2 (dimensions in nm) varying the thickness of
the CoFeB ferromagnetic layers (t) and that of the non-magnetic interlayer Ru (d). The specific CoFeB
and IrMn stoichiometry was chosen because of their widespread use in magnetic tunnel junctions, the
low spin-wave damping in Co40Fe40B20 and the high exchange bias strength. The exact composition
of the studied samples is reported in Table 2, using the same coding which will be used in the
subsequent discussion.
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Figure 1. (a) Sketch of the CoFeB/Ru/CoFeB/IrMn/Ru synthetic antiferromagnet stacks grown via
magnetron sputtering. t indicates the thickness of the CoFeB layers, ranging from 25 nm to 45 nm. d
indicates the thickness of the Ru coupling layer, ranging from 0.6 to 0.7 nm; (b) room-temperature
vibrating sample magnetometer hysteresis loop of sample C (CoFeB 35 nm, Ru 0.6 nm) in the as
deposited sample measured along the easy axis (black line) and the sample after a field cooling at 250
◦C measured along the easy axis (red line) and hard axis (blue line). The colored arrows indicate the
direction of the magnetization of top (purple) and bottom (orange) layers. Hex and Hsat indicate the
exchange field and saturation field related to the annealed sample, respectively.

Table 2. List of the studied sample sets and corresponding stack compositions.

Set Name Stack Compositions (Dimensions in nm)

A Si/SiO2/CoFeB 25/Ru 0.7/CoFeB 25/IrMn 10/Ru 2
B Si/SiO2/CoFeB 35/Ru 0.7/CoFeB 35/IrMn 10/Ru 2
C Si/SiO2/CoFeB 35/Ru 0.6/CoFeB 35/IrMn 10/Ru 2
D Si/SiO2/CoFeB 45/Ru 0.6/CoFeB 45/IrMn 10/Ru 2

The hysteresis loop of the films was measured via a vibrating sample magnetometer (VSM; EZ-9,
Microsense, Lowell, MA, USA) as a function of the sample temperature, from RT to 250 ◦C, and of the
direction of the magnetic field in the film plane. The VSM was used also for performing the initial
annealing and field cooling of the samples.

3. Results and Discussion

3.1. Room-Temperature Magnetic Characterization and Angular Hysteresis Loops

Figure 1b shows the VSM hysteresis loops along the easy axis acquired at room temperature of set
C (35 nm CoFeB, 0.6 nm Ru) for the as deposited sample, black line, and after the field cooling, red line.
The field cooling was performed by heating the sample up to 250 ◦C and subsequently cooling it down
to room temperature while applying a static 400 mT external magnetic field in the sample plane, in the
same direction of the field applied during the growth, HG. The field cooling sets the direction of the
exchange bias, and therefore the pinning direction of the magnetization of the top CoFeB layer. The
direction of the magnetization of the top (bottom) CoFeB layers as a function of the external field is
indicated by the purple (orange) arrows. The hysteresis loop displays the characteristic plateau at low
field, which is a signature of robust antiferromagnetic coupling between the two CoFeB layers, induced
by the interlayer exchange coupling across the thin Ru layer. The plateau is also a signature of the
presence of the anisotropy of the film, which is further confirmed by the angle-dependent measurement
of Figure 2. The two main contributions are the magnetocrystalline anisotropy and the exchange
bias set during the growth. The two lobes of the loop are related to the rotation of the top (negative
fields) and bottom (positive fields) CoFeB layer. The saturation field Hsat and the exchange field Hex

are indicated in figure for the measurement after field cooling. In particular, Hex was extracted from
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the measurement as the halfway point between the end of the low-field plateau and the saturation
field. In high external fields, the antiferromagnetic coupling is overcome by the Zeeman field, which
saturates the magnetization in the direction of the applied field. Upon decreasing the magnetic field,
the magnetizations rotate coherently and gradually reach the antiparallel alignment. The well-defined
plateau in the annealed samples, with respect to the as-deposited samples, mainly arises from setting
the unidirectional anisotropy of exchange bias via field cooling.

Figure 2. Room temperature hysteresis loops as a function of the field angle. (a) Sketch of the
experimental configuration for the measurements. The thick arrows indicate the direction of the
exchange bias field, set during field cooling (Heb) along the x axis direction. φ indicates the angle
of the external applied field (H) with respect to the exchange bias direction, in the plane of the film.
(b–e) Hysteresis loops measured via vibration sample magnetometry (VSM) at room temperature as a
function of the angle φ (color-coded) for set A, B, C, and D respectively.

Figure 2 shows the room temperature hysteresis loops after field cooling as a function of the
angle of the external field applied in the plane of the sample. Panel (a) shows the geometry of the
measurement. In particular, φ is the angle between the direction of the exchange bias Heb, set during
the field cooling, and the direction of the external field applied during the measurement H. Specifically,
the easy magnetization axis (EA) is given by φ = 0◦ and the hard axis (HA) is for φ = 90◦. The
measurements were performed in the same conditions on all the sets with a step of 22.5◦ from φ =
0◦ to φ = 90◦, color-coded. In all the sets, the loops feature the characteristic two lobes and low-field
plateau along the EA, and the elongated loop along the HA. For intermediate angles, the loops assume
a mixed EA and HA character, with the low field plateau progressively tilting to higher derivatives.
Some samples show at low field a small hysteresis loop, probably due to slightly non-compensated
ferromagnetic structures. The origin of non-compensation can be ascribed to the small variation of the
CoFeB deposition conditions, or possibly to the influence of the surface roughness of one of the two
ferromagnetic layers [33,34].
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3.2. Temperature Dependence of the Magnetic Properties

Figure 3 shows the hysteresis loops of sets C and D along the easy axis (φ = 0◦, panels (a–b))
and hard axis (φ = 90◦, panels (c–d)), as a function of temperature, ranging from room temperature
up to 250 ◦C, color-coded. Regarding the EA loops, three main effects of temperature are observed.
First, a reduction of the plateau field with increasing temperature, from ~9 mT at room temperature
down to ~4 mT at 250 ◦C in set C, and from ~7 mT at room temperature down to ~4 mT at 250 ◦C in
set D. The decrease of the plateau was mainly due to the weakening of the unidirectional anisotropy
set by the exchange bias while approaching the blocking temperature, combined with a reduction
of the interlayer coupling strength, as the dependence of the magnetocrystalline anisotropy on the
temperature in this ranges is much weaker [35]. Second, a reduction of the saturation field Hsat and
exchange field Hex, which was consistent with a reduction in the interlayer coupling with temperature.
Third, as expected [36,37] we observe a slight reduction of the saturation magnetization Ms with
increasing temperature. All these effects were however reversible, provided that the same exchange
bias direction and strength was retrieved at the end of the heating process, e.g., (as performed in our
experiments) by applying an external saturating field in the direction of the exchange bias during the
cooling process.

Figure 3. (a,b) Hysteresis loops of set C and set D along the easy-axis (φ = 0◦) measured as a function
of temperature (color-coded) ranging from 25 ◦C to 250 ◦C; (c,d) Hysteresis loops of set C and set D
along the hard-axis (φ = 90◦) measured as a function of temperature (color-coded) ranging from 25 ◦C
to 250 ◦C.

For analyzing quantitatively the characteristics of the hysteresis loops, in Figure 4 we plotted the
exchange field Hex (a) and saturation field Hsat (b) as a function of the temperature for all the sample
sets (A–D). From the room temperature data (at T = 25 ◦C) of both panel (a) and panel (b), we observed
higher Hex around 45 mT and Hsat around 85 mT in sets C–D, and lower Hex around 20 mT and Hsat

around 40 mT in sets A–B. This was consistent with the oscillatory nature of the interlayer coupling as
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a function of the Ru thickness, which was 0.6 nm in sets C–D and 0.7 nm in sets A–B. It is worth noting
that, the Ru thickness being equal, slightly higher exchange and saturation fields were observed in the
sets characterized by thinner CoFeB layers (set A, 25 nm and set C, 35 nm). This is coherent with the
interfacial nature of the antiferromagnetic interlayer coupling, which is inversely proportional to the
film thickness.

Figure 4. (a,b) Exchange field μ0Hex and saturation field μ0Hsat as a function of temperature for sets
A–D (color-coded).

Regarding the temperature dependence of the exchange and saturation fields, we observed an
overall reduction of both parameters with increasing temperature, in all sample sets. In particular,
both Hex and Hsat displayed a reduction of about 60% from room temperature to 250 ◦C. This behavior
is particularly interesting in the framework of thermally assisted magnetic writing schemes, such as
TAMR (thermally assisted magnetic recording) or tam-SPL (thermally assisted magnetic scanning probe
lithography), where local heating in combination with external fields is used for writing magnetization
patterns. Note that, at the same time, the reduction of the plateau field was around 50%.

In Figure 5, we studied the saturation magnetization (a) and the interlayer coupling strength (b)
as a function of temperature. Ms measured at room temperature is 0.9–1.1 × 106 A/m in all sets, which
is in agreement with values found in the literature [38,39] for CoFeB films with the same stoichiometry.
The Ms, which lowers with increasing temperature due to magnon excitation [40], was calculated
normalizing the quantitative VSM measurements by the magnetic volume of each sample. The slight
variations observed across different samples are due to non-idealities in the sample shape. In order to
study the dependence of the coupling coefficient on the temperature, we calculated the total effective
coupling strength Jeff = HexMst, where Hex is the exchange field (see Figure 1b), Ms is the saturation
magnetization and t is the sample thickness. The physical origin of such dependence can be ascribed
to both interfacial effects, spacer-related mechanisms or effects arising in the magnetic layers [41]. In
panel (b) we plot Jeff as a function of temperature for all the sets. As previously noted, sets A and B (Ru
0.7 nm thick) feature a lower Jeff~ 1.25 mJ/m2 with respect to sets C and D (Ru 0.6 nm thick), which
feature Jeff~ 3.5 mJ/m2 at room temperature, due to the different Ru interlayer thickness, consistently
with the expected oscillatory behavior [2]. Noteworthy, Jeff was reduced reversibly by 60–65% from
room temperature to 250 ◦C with only slight variations across different sets, suggesting that even
mild heating treatment could significantly and temporarily alter the SAF coupling strength, with high
potential for applications. These results were consistent with those found in similar system, namely
synthetic antiferromagnets based on thin ferromagnetic layers with in plane and perpendicular to the
plane magnetic anisotropies [35,42]. The theoretical explanation of the decrease of interlayer exchange
coupling with the temperature can be found in [41].
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Figure 5. (a) Saturation magnetization Ms as a function of temperature for set A–D (color-coded); (b)
Coupling strength Jeff as a function of temperature for set A–D (color-coded).

4. Conclusions

In this work, we studied the temperature and angular dependence of the magnetic properties of
exchange biased synthetic antiferromagnets, in the case of compensated in-plane magnetized layers
with thickness ranging from 25 nm to 45 nm. Noteworthy, we observed a strong reversible reduction
of the exchange field, saturation field and antiferromagnetic coupling strength with a mild heating
treatment (up to 250 ◦C). These results are particularly interesting in the framework of heat-assisted
magnetic writing methods such as thermally assisted magnetic scanning probe lithography (tam-SPL),
where localized heating in combination with external fields were used for reversibly writing the
magnetic properties of thin-film materials. These results suggest that SAFs represent promising
systems for developing novel artificial magnetic nanomaterials via localized thermal treatment.
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