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Editorial
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Abstract: Block copolymers with crystallizable blocks are a highly interesting class of materials owing
to their unique self-assembly behaviour both in bulk and solution. This Special Issue brings together
new developments in the synthesis and self-assembly of semicrystalline block copolymers and also
addresses potential applications of these exciting materials.

Block copolymers bearing one or more crystallizable blocks have moved into the focus
of current research owing to their unique self-assembly behaviour both in bulk and in solu-
tion. The bulk morphology and, hence, the properties of semicrystalline block copolymers
are influenced by a complex interplay between crystallization and micro phase separa-
tion. Depending on the segregation strength (confinement) in the melt, crystallization
can either be confined in the pre-existing microphase-separated morphology for strongly
segregated melts, whereas for weakly segregated systems, a “breakout crystallization” can
occur, which overwrites any existing morphology leading exclusively to lamellar struc-
tures [1–9]. This opens a broad parameter space for tuning the properties of semicrystalline
block copolymers in bulk. First studies on semicrystalline AB diblock, ABA triblock and
multiblock copolymers with one crystallizable block based on poly(ethylene oxide) (PEO),
polyester blocks like poly(ε-caprolactone) (PCL), or polyethylene (PE, based on hydro-
genated poly(1,4-butadiene)) have already been reported in the mid-1970s to 1980s [10–17].
An important milestone in this field was the development of ABC triblock terpolymers
with one or two crystallizable blocks based on polystyrene-block-poly(1,4-butadiene)-block-
poly(ε-caprolactone) (SBC) and the corresponding hydrogenated analogues with PE middle
blocks (SEC), reported first by the group of R. Stadler in 1996 and 1998, respectively, and
intensively studied thereafter together with the group of A. J. Müller [18–22]. Shortly after,
in 1998, Floudas et al. reported on the first µ-ABC miktoarm star terpolymer with two
crystallizable PEO and PCL blocks [23]. An important and technically highly relevant
application of block copolymers with crystallizable blocks are thermoplastic elastomers.
Here, ABC triblock terpolymers with a glassy polystyrene and a semicrystalline PE end
block were shown to exhibit superior elastic properties compared to conventional amor-
phous ABA-type thermoplastic elastomers at moderate deformations [24,25]. Additionally,
commercially available multiblock copolymers with semicrystalline polyamide or polyester
hard blocks and polyether-based soft blocks are well-known thermoplastic elastomers and
have inspired the development of more complex multiblock copolymers with improved
elasticity employing well-defined ABA triblock copolymers as soft segments [26]. Some
of the semicrystalline multiblock copolymers containing polyether segments, especially
poly(ethylene oxide) segments, also attracted interest for gas separation membranes [27–29].
New synthetic concepts give access to even more complex block copolymer architectures
such as triblock or tetrablock copolymers with three or even four different crystalliz-
able blocks, [30,31] as well as to the implementation of new semicrystalline blocks, e.g.,
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poly(vinylidene fluoride) (PVDF) [32]. Some of these recent developments are addressed in
this Special Issue.

Crystallization-driven self-assembly (CDSA) of block copolymers with one core-
forming, crystallizable block has developed to an extremely active and innovative field of
research, starting from the first observation of defined cylindrical micelles with crystalline
poly(ferrocenyl dimethylsilane) (PFS) cores in 1998 [33] and following the development
of living CDSA in the groups of I. Manners and M. A. Winnik [34–42]. This paved the way
to a myriad of crystalline-core micellar structures and hierarchical super-structures that
were not accessible before via the self-assembly of fully amorphous block copolymers,
e.g., cylindrical micelles with defined length, length distribution, and corona chemistries
(block type or patchy corona), branched micelles, non-centrosym metric cylindrical mi-
celles, and fascinating micellar superstructures (e.g., 2D lenticular platelets, scarf-shaped
micelles, multidimensional micellar assemblies, cross and “wind mill”-like supermicelles).
Another intriguing material class is based on amphiphilic crystalline-core micelles with
poly(L-lactide) (PLLA) or corresponding stereocomplexes (PLLA/PDLA (poly(D-lactide)),
showing interesting potential for biomedical applications, such as controlled release and
drug delivery [43,44].

This Special Issue brings together new developments in the synthesis and self-assembly
(bulk and solution) of block copolymers with crystallizable blocks, including emerging
applications of these exciting materials. In a fundamental work, Rahman studied the use
of semicrystalline multiblock copolymer membranes with polyether soft segments for hy-
drocarbon separation [45]. The permeability of hydrocarbons was found to decrease with
the number of carbons and polytetrahydrofuran (PTHF)-based systems were superior to
PEO-based systems in terms of permeability and permselectivity, making these systems in-
teresting for applications in the petrochemical industry. In addition, the lower performance
of multiblock copolymers with longer PEO soft segments was attributed to partial PEO
crystallization. The combination of homologation (C1 polymerization) with ring-opening
(ROP) or iodine transfer polymerization (ITP) is a facile route to block copolymers with
polymethylene (structurally identical to PE) blocks. Hadjichristidis and Müller et al. utilized
this approach to synthesize PE-b-PEO-b-PCL triblock terpolymers, in which all three blocks
are able to crystallize. Here, PE crystallizes first upon cooling from the phase-separated
melt followed by PCL and PEO [46]. They note that a combination of different characteriza-
tion techniques (DSC, WAXS, PLOM) is necessary to fully deduce the complex behaviour
of triple crystalline triblock terpolymers. In a joint work with Maiz et al. phase transitions
in PE-b-PVDF diblock copolymers and blends were studied [47]. Due to the polymorphic
nature of semicrystalline PVDF control over crystal structure is crucial, as for example the
piezoelectric and ferroelectric β-phase is interesting for applications in electronic devices or
renewable energies.Compared to PVDF homopolymer the formation of the β-phase was
found to be strongly promoted in PE-b-PVDF diblock copolymers at low cooling rates.
Living, stereoselective olefin polymerization is an efficient method for the synthesis of
double crystalline diblock copolymers with PE and sPP (syndiotactic polypropylene) blocks,
as described by De Rosa et al. [48]. By using selective crystalline substrates for the epitax-
ial crystallization of PE (benzoic acid) and sPP (p-terphenyl), well-ordered morphologies
with crystalline lamellae of PE and sPP highly oriented along one direction are accessible.
A relatively new approach is the evaporation-induced confinement assembly (EICA) of
semicrystalline block copolymers in microemulsions that after solvent evaporation gives
rise to microparticles with confinement specific morphologies, e.g., helical cylinders or
axially stacked rings. In this context, Gröschel and Schmalz et al. have studied the confine-
ment assembly of a series of PS-b-PB-b-PLLA triblock terpolymers [49]. It turned out that
over a broad composition range, microparticles with predominantly hexagonally packed
core–shell cylinders consisting of a PLLA core, a PB shell and a PS matrix were formed,
which upon hydrolysis of the PLLA block resulted in highly porous microparticles with
pronounced surface corrugations.
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Considering the CDSA of block copolymers with crystallizable blocks in solution, this
Special Issue includes two reviews focussing on the preparation and application of micelles
with a patch-like microphase-separated (patchy) corona [50], as well as on glycine-based
diblock copolypeptoids [51], respectively. Patchy micelles can be prepared by CDSA of
triblock terpolymers with crystallizable middle blocks and two incompatible amorphous
end blocks, or from mixtures of diblock copolymers with one common crystallizable block.
Owing to their unique corona structure, patchy micelles can be utilized as highly efficient
surfactants and blend compatibilizers, as nanoparticle templates, and in heterogeneous
catalysis. Polypeptoids with N-substituted polyglycine backbones are a promising class
of materials as, in contrast to natural polypeptides, they provide a good thermal stability,
solubility in organic solvents and protease stability. This can be attributed to the absence of
hydrogen bonding and stereogenic centres. Crystallinity can be easily tuned by the length
of the alkyl substituents, giving rise to bioinspired worm-like 1D nanofibrils, nanorods and
nanosheets. In an intriguing study, Reiter et al. prepared stacked lamellar crystals from a
PS-b-PEO diblock copolymer in solution using a self-seeding approach [52]. By varying
the diblock copolymer concentration and employed self-seeding temperature control over
size, the number of platelet-like crystals and even the number of stacked lamellae in the
crystals was achieved. A seed-trapping protocol was developed by Guerin and Winnik et al.
to study the impact of seed fragmentation on CDSA to cylindrical micelles at elevated
temperatures, where both seed dissolution and fragmentation occur [53]. Seed fragmen-
tation was found to increase with annealing time at elevated temperatures, resulting in
a decrease in length of the regrown cylindrical micelles. Furthermore, kinetics follow a
stretched exponential that might indicate a fractionation upon crystallization as the rate of
unimer addition to the seeds depends on the length and fraction of the crystallizable block.
Finally, going toward potential applications in tissue engineering, a systematic study on
the reinforcement of alginate hydrogel matrices with fibre-like micelles prepared by living
CDSA of a PCL-b-PMMA-b-PDMA triblock terpolymer (PMMA = poly(methyl methacry-
late); PDMA = poly(N,N-dimethyl acrylamide)) is presented by Dove and O’Reilly et al. [54].
Varying the micelle length and concentration in the hydrogel revealed an optimum fibre
micelle length of 500 nm at a loading of 0.1 wt%, resulting in a significantly increased strain
at flow of 37%.

In summary, the manuscripts in this Special Issue provide a nice overview of the recent
developments in block copolymers with crystallizable blocks, spanning from synthesis to
self-assembly approaches and potential applications.

Conflicts of Interest: The authors declare no conflict of interest.
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Abstract: Crystallization-driven self-assembly (CDSA) of block copolymers bearing one crystallizable
block has emerged to be a powerful and highly relevant method for the production of one- and
two-dimensional micellar assemblies with controlled length, shape, and corona chemistries. This
gives access to a multitude of potential applications, from hierarchical self-assembly to complex
superstructures, catalysis, sensing, nanomedicine, nanoelectronics, and surface functionalization.
Related to these applications, patchy crystalline-core micelles, with their unique, nanometer-sized,
alternating corona segmentation, are highly interesting, as this feature provides striking advantages
concerning interfacial activity, functionalization, and confinement effects. Hence, this review aims to
provide an overview of the current state of the art with respect to self-assembly concepts, properties,
and applications of patchy micelles with crystalline cores formed by CDSA. We have also included
a more general discussion on the CDSA process and highlight block-type co-micelles as a special
type of patchy micelle, due to similarities of the corona structure if the size of the blocks is well
below 100 nm.

Keywords: crystallization-driven self-assembly (CDSA); crystalline-core micelles; patchy micelles;
block copolymers

1. Introduction

The solution self-assembly of block copolymers (BCPs) has paved the way to a vast
number of micellar assemblies of various shapes (e.g. spheres, cylinders, vesicles, platelets,
core-shell, core-shell-corona, and compartmentalized (core or corona) structures) and
hierarchical superstructures, as well as hybrids with fascinating applications in drug
delivery and release, as emulsifiers/blend compatibilizers, in nanoelectronics, as responsive
materials (temperature, pH, light), templates for nanoparticles, in heterogeneous catalysis,
etc. [1–6]. A key prerequisite for controlling/programming the solution self-assembly is
the synthesis of well-defined diblock and triblock (linear, star-shaped, ABA- or ABC-type)
copolymers via controlled or living polymerization techniques, such as living anionic
polymerization, reversible addition−fragmentation chain transfer, nitroxide-mediated,
and atom transfer radical polymerization [5–9]. In general, anisotropic polymer micelles
can be divided into three main categories: multicompartment core micelles (MCMs),
surface-compartmentalized micelles, and a combination of both [2]. MCMs are generally
defined as micellar assemblies with a solvophilic corona and a microphase-separated
solvophobic core. According to the suggestion of Laschewsky et al., a key feature of
multicompartment micelles is that the various sub-domains in the micellar core feature
substantially different properties to behave as separate compartments [10,11]. MCMs
are commonly prepared via hierarchical self-assembly of suitable building blocks, which
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provide “sticky patches” [12–15]. Depending on the number and geometrical arrangement
(linear, triangular, tetrahedral, etc.) of the “sticky patches”, as well as the volume fraction
of the solvophilic block, various spherical, cylindrical, sheet-like, and vesicular MCMs are
accessible [16–25]. For a deeper insight into this highly relevant topic, the reader is referred
to recent extensive reviews on MCMs [26–31]. Surface-compartmentalized micelles are
subdivided into micelles with a Janus-type (two opposing faces with different chemistry
or polarity) or patch-like, microphase-separated corona, featuring several compartments
of different chemistry or polarity (denoted as patchy micelles), as illustrated in Figure 1
for cylindrical micelles. Here, block co-micelles with a block-like arrangement of several
(>2) surface compartments along the cylindrical long axis can be regarded as a special
case of patchy micelles. It is noted that AB-type diblock co-micelles also represent Janus-
type micelles, where the two opposing faces are arranged perpendicular to the cylindrical
long axis. The broken symmetry of Janus particles offers efficient and distinctive means of
targeting complex materials by hierarchical self-assembly and realize unique properties and
applications, like particulate surfactants, optical nanoprobes, biosensors, self-propulsion,
and many more [32–41].

Polymers 2021, 13, x FOR PEER REVIEW 2 of 25 
 

 

compartment micelles is that the various sub-domains in the micellar core feature sub-
stantially different properties to behave as separate compartments [10,11]. MCMs are 
commonly prepared via hierarchical self-assembly of suitable building blocks, which pro-
vide “sticky patches” [12–15]. Depending on the number and geometrical arrangement 
(linear, triangular, tetrahedral, etc.) of the “sticky patches”, as well as the volume fraction 
of the solvophilic block, various spherical, cylindrical, sheet-like, and vesicular MCMs are 
accessible [16–25]. For a deeper insight into this highly relevant topic, the reader is re-
ferred to recent extensive reviews on MCMs [26–31]. Surface-compartmentalized micelles 
are subdivided into micelles with a Janus-type (two opposing faces with different chem-
istry or polarity) or patch-like, microphase-separated corona, featuring several compart-
ments of different chemistry or polarity (denoted as patchy micelles), as illustrated in Fig-
ure 1 for cylindrical micelles. Here, block co-micelles with a block-like arrangement of 
several (>2) surface compartments along the cylindrical long axis can be regarded as a 
special case of patchy micelles. It is noted that AB-type diblock co-micelles also represent 
Janus-type micelles, where the two opposing faces are arranged perpendicular to the cy-
lindrical long axis. The broken symmetry of Janus particles offers efficient and distinctive 
means of targeting complex materials by hierarchical self-assembly and realize unique 
properties and applications, like particulate surfactants, optical nanoprobes, biosensors, 
self-propulsion, and many more [32–41]. 

 
Figure 1. Schematic depiction of a cylindrical (a) Janus micelle, (b) block co-micelle, and (c) 
patchy micelle. 

For the preparation of patchy micelles and polymersomes from amorphous BCPs, 
three main strategies can be applied: (i) self-assembly of ABC triblock terpolymers in se-
lective solvents for the incompatible A and C blocks [42–48]; (ii) co-assembly of AB and 
CD diblock copolymers with selective interactions between the B and C blocks (e.g. hy-
drogen bonding, ionic interactions, solvophobic interactions) [49–52], resulting in patchy 
micelles with an insoluble mixed B/C core; and (iii) co-assembly of AB and BC diblock 
copolymers [53–56] where the B block forms the insoluble core. However, mostly spheri-
cal micelles or polymersomes with a patchy corona have been reported and only a few 
reports describe the preparation of one-dimensional (worm-like, cylindrical) assemblies 
with a patch-like compartmentalized corona, even though theoretical work on mixed pol-
ymer brushes predict their existence [57–61]. One of the rare but highly intriguing exam-
ples are PtBA–b–PCEMA–b–PGMA (poly(tert-butyl acrylate)–block–poly(2-cinnamoylox-
yethyl methacrylate)–block–poly(glyceryl monomethacrylate)) and PnBA–b–PCEMA–b–
PtBA (PnBA: poly(n-butyl acrylate)) triblock terpolymers [42,43,45]. For self-assembly, the 
triblock terpolymers were first dissolved in a good solvent for all blocks (CH2Cl2, CHCl3, 
or THF), followed by the addition of methanol (non-solvent for the middle block) to in-
duce micelle formation. As an intermediate, cylindrical micelles with a patchy corona 
were formed first, with the PtBA blocks forming small circular patches in a corona mainly 
consisting of PGMA or PnBA. Upon further decreasing the solvent quality for the PtBA 
block (addition of MeOH), these cylinders can form double and triple helices via hierar-
chical self-assembly. This concept has also been applied to triblock terpolymers with a 
poly(2-hydroxyethyl methacrylate) middle block, having the potential for further modifi-
cation by esterification of the pendant hydroxy functions [42]. Besides, crystallization-
driven self-assembly (CDSA) is a highly versatile tool for the preparation of well-defined 
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For the preparation of patchy micelles and polymersomes from amorphous BCPs, three
main strategies can be applied: (i) self-assembly of ABC triblock terpolymers in selective
solvents for the incompatible A and C blocks [42–48]; (ii) co-assembly of AB and CD diblock
copolymers with selective interactions between the B and C blocks (e.g. hydrogen bonding,
ionic interactions, solvophobic interactions) [49–52], resulting in patchy micelles with an
insoluble mixed B/C core; and (iii) co-assembly of AB and BC diblock copolymers [53–56]
where the B block forms the insoluble core. However, mostly spherical micelles or poly-
mersomes with a patchy corona have been reported and only a few reports describe the
preparation of one-dimensional (worm-like, cylindrical) assemblies with a patch-like com-
partmentalized corona, even though theoretical work on mixed polymer brushes predict
their existence [57–61]. One of the rare but highly intriguing examples are PtBA–b–PCEMA–
b–PGMA (poly(tert-butyl acrylate)–block–poly(2-cinnamoyloxyethyl methacrylate)–block–
poly(glyceryl monomethacrylate)) and PnBA–b–PCEMA–b–PtBA (PnBA: poly(n-butyl
acrylate)) triblock terpolymers [42,43,45]. For self-assembly, the triblock terpolymers were
first dissolved in a good solvent for all blocks (CH2Cl2, CHCl3, or THF), followed by the
addition of methanol (non-solvent for the middle block) to induce micelle formation. As
an intermediate, cylindrical micelles with a patchy corona were formed first, with the PtBA
blocks forming small circular patches in a corona mainly consisting of PGMA or PnBA.
Upon further decreasing the solvent quality for the PtBA block (addition of MeOH), these
cylinders can form double and triple helices via hierarchical self-assembly. This concept
has also been applied to triblock terpolymers with a poly(2-hydroxyethyl methacrylate)
middle block, having the potential for further modification by esterification of the pendant
hydroxy functions [42]. Besides, crystallization-driven self-assembly (CDSA) is a highly
versatile tool for the preparation of well-defined cylindrical micelles of controlled length
and length distribution, and has proven as a valuable method for the preparation of patchy
cylindrical micelles.
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This review will focus on the recent developments concerning self-assembly strategies
for the production of crystalline-core micelles (CCMs) bearing a patchy corona, and will
also address their unique properties and potential applications. As stated above, block
co-micelles represent a special case of patchy micelles and thus, will be discussed only
briefly. This is not only due to the usually larger size and sequential arrangement of
surface compartments in the corona, in contrast to the more alternating arrangement
in patchy cylindrical micelles (Figure 1b,c), but is also attributed to the substantially
different self-assembly procedure. Block co-micelles are commonly prepared by sequential
living CDSA of different diblock copolymers, whereas patchy micelles are formed by
simultaneous CDSA of diblock copolymer mixtures or CDSA of ABC triblock terpolymers
with crystallizable middle blocks. Hence, this review will be divided into four main
sections, starting with a general consideration of CDSA. The second part gives a compact
overview over self-assembly strategies used to form cylindrical and platelet-like block co-
micelles. The different self-assembly concepts for patchy micelles with crystalline cores will
be reviewed in the third section, followed by a discussion on properties and applications
of these interesting compartmentalized nanostructures.

2. Crystallization-Driven Self-Assembly (CDSA)

As pointed out in the introduction, the preparation of one-dimensional (1D) cylindrical
(or worm-like) micelles with controlled dimensions, low-length dispersities, and tailored
corona structures and functionalities still remains a challenge in the self-assembly of fully
amorphous BCPs. Besides, the introduction of a crystallizable block, which adds an addi-
tional and strong driving force for micelle formation, has turned out to be a highly efficient
route to solve these issues. Consequently, the self-assembly of such BCPs, bearing crystal-
lizable blocks, is termed crystallization-driven self-assembly (CDSA) [1,62,63]. This field
was pioneered by studies on poly(ferrocenyl dimethylsilane) (PFS)-containing BCPs and is
gaining increasing importance for the preparation of well-defined 1D and two-dimensional
(2D) assemblies, especially since the discovery of living CDSA (Figure 2) [63–67]. Anal-
ogous to the living polymerization of monomers, CDSA can proceed in a living manner,
employing small micellar fragments as seeds (Figure 2a: seeded growth) for the addition
of unimers (molecularly dissolved BCPs with a crystallizable block). In this approach, the
micellar seeds, also termed “stub-like” micelles, are produced by vigorous sonication of
long, polydisperse cylindrical micelles prepared by conventional CDSA. Owing to its living
nature, the length of the produced cylindrical micelles shows a linear dependence on the
unimer/seed ratio employed, and length dispersities are very low (Lw/Ln typically well
below 1.1; where Ln is the number average and Lw the weight average micelle length).

Living CDSA can also be realized by using spherical CCMs as seeds [68], by
self-seeding [69–71] (Figure 2a), and even directly by polymerization-induced CDSA
(Figure 2b) [72–74], i.e., via polymerization in the presence of seed micelles. The self-
seeding approach also uses small micellar fragments that are heated in dispersion to a
specific annealing temperature (Ta), where most of the crystalline core is molten/dissolved
and only a very minor fraction of crystallites survive. These act as seeds in the subsequent
CDSA upon cooling (Figure 2a: self-seeding), and the length of the micelles can be con-
trolled by a proper choice of Ta. If Ta is too low, the crystalline cores will not melt/dissolve,
and the length distribution of the employed micellar fragments remains unchanged. On
the other hand, if Ta is too high, the crystalline cores will melt/dissolve completely, and no
crystallites will survive that could act as seeds. As a result, in between these two limiting
cases, an increase in micelle length with increasing Ta is observed, as the fraction of sur-
viving crystallites (seeds) decreases with Ta. This range of self-seeding temperatures can
be very restricted, making length control difficult. Another drawback of these seed-based
protocols is the low amount of cylindrical micelles that can be produced, as commonly
rather dilute solutions have to be used. This can be overcome by the living polymerization-
induced CDSA approach, enabling the production of uniform cylindrical micelles with
concentrations up to ca. 10–20% (w/w solids) within a few hours. In a recent report, it
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was shown that living CDSA can even be stimulated by light, utilizing the photo-induced
cis-trans isomerization in oligo(p-phenylenevinylene) (OPV)-based BCPs [75].
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(PI-CDSA) utilizing micellar seeds during anionic polymerization of the PFS block. After complete conversion, the reaction
was quenched with 4-tert-butylphenol. (a) Reproduced from [76] with permission of the American Chemical Society (ACS).

Living CDSA has paved the way to a myriad of 1D and 2D micellar assemblies of
controlled dimensions, including patchy and block co-micelles (both will be addressed
in the next sections) [65,68,77–80], branched micelles [76], platelet-like micelles and co-
micelles [81–86], and hierarchical assemblies [81,87–91]. Next to BCPs with a PFS block,
a variety of other crystallizable polymer blocks were employed in CDSA, e.g. polyethy-
lene (PE) [68,92–94], poly(ethylene oxide) [95], polyesters (poly(ε-caprolactone) (PCL) or
poly(L-lactide) (PLLA)) [86,96–101], polycarbonate [102], poly(2-iso-propyl-2-oxazoline)
(PiPrOx) [103,104], liquid crystalline polymers [71,105], poly(vinylidene fluoride) [106],
polypeptoids [107,108], and various conjugated polymers (e.g., poly(3-hexyl thiophene)
(P3HT) and OPV) [75,109–113].

3. Short Excursion on Block Co-Micelles

Block co-micelles represent a special type of patchy CCM, because of the sequential
arrangement of surface compartments and the precisely adjustable size of the blocks,
usually leading to larger corona segments than commonly observed for patchy CCMs.
Analogous to the synthesis of BCPs, block co-micelles are produced by sequential living
CDSA. The characteristic of this process is that the micelles’ termini remain “active” after
unimer addition is completed. Consequently, addition of a different type of unimer leads
to the formation of a blocky structure (Figure 3a) [65,114]. This feature allows for precise
control over the block length by adjusting the amount of added unimer.
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epitaxial crystallization, i.e., they should exhibit a similar crystal lattice spacing [115,116]. 
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Figure 3. (a) Formation of B–A–B triblock co-micelles via sequential living CDSA in selective solvents
for the corona blocks. (b) Structured illumination microscopy image of symmetrical 11-block co-
micelles with red, green, and blue fluorescent corona blocks separated by non-fluorescent PDMS
spacer blocks. (c) Laser-scanning confocal microscopy image of solid-state, donor–acceptor, coaxial
heterojunction nanowires based on B–A–B segmented nanofibers with a semi-crystalline PDHF core
(depicted in blue) and a semi-crystalline P3EHT shell (depicted in red) in the outer corona blocks,
taken with both blue (PDHF) and red (P3EHT) channels (scale bar: 10 µm). Blue emission from the
central PDHF core, as well as red/orange emission from the outer P3EHT segments, due to Förster
resonance energy transfer (FRET) were observed. (d) Schematic depiction of the formation of B–A–B
triblock co-micelles with patchy outer corona blocks, starting from SES wCCMs as seed micelles and
subsequent living CDSA of SEM unimers in THF (left) and corresponding TEM image of patchy
block co-micelles (scale bar: 100 nm). (a) Reproduced from [79] with permission of the American
Association for the Advancement of Science (AAAS), (b) reproduced from [67] with permission of
the Royal Society of Chemistry (RSC), (c) reproduced from [105], and (d) reproduced from [68] with
permission of ACS.

Similar to living polymerization techniques, in which the reactivity of the first monomer
limits the choice of a second monomer, unimers need to fulfill certain requirements for
successful co-crystallization. For example, the micellar cores need to be compatible for
epitaxial crystallization, i.e., they should exhibit a similar crystal lattice spacing [115,116].
A common way to fulfill this prerequisite is the use of diblock copolymers bearing the
same crystallizable block that induces homoepitaxial growth, as shown first for PFS-
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containing diblock copolymers to produce B–A–B triblock co-micelles [65]. Within this
work, PFS–b–polyisoprene (PFS–b–PI) cylindrical micelles served as seeds for the nucle-
ation of PFS–b–polymethylvinylsilane (PFS–b–PMVS) and PFS–b–polydimethylsiloxane
(PFS–b–PDMS) unimers, respectively. For heteroepitaxial growth, different PFS-containing
seed micelles were applied to induce CDSA of polyferrocenylgermane (PFG)-containing
diblock copolymers [73,83,89]. The crystal lattice spacing of the two core-forming blocks
only differs by about 6%, enabling the formation of tri- and pentablock co-micelles as well
as 2D co-assemblies.

Living CDSA has opened the door to a huge variety of one dimensional, PFS-
containing block co-micelles with tailored numbers, lengths, and composition of corona
blocks [114,117–121]. Centrosymmetric and non-centrosymmetric block co-micelles are ac-
cessible, and give rise to broad structural complexity [79]. In particular, the introduction of
fluorescent corona blocks marks an important step in the development of block co-micelles,
since this enables the formation of barcode and RGB micelles (Figure 3b) [67,77,122]. Up
to that point, the fabrication of cylindrical nanomaterials with precise, color-tunable com-
partments of predictable length and number was challenging. Moreover, it is possible to
induce fluorescence in the semicrystalline core-forming block by replacing the PFS block by
a poly(di-n-hexylfluorene) (PDHF) block [78]. B–A–B triblock co-micelles with PDHF core
and P3HT outer corona blocks were found to show long-range exciton transport (>200 nm).
Inducing secondary crystallization of a poly(3-(2’-hexylethyl)thiophene) (P3EHT) corona
block even rendered solid-state donor–acceptor heterojunctions possible (Figure 3c) [105].
These materials bear a high potential for applications in optoelectronics, device fabrication,
and sensing [123].

Several other semicrystalline, core-forming blocks—for example, PFG [73,83,89],
polycarbonate [102,124], poly(3-heptylselenophene) [109], P3HT [125], OPV [75,126,127],
PLLA [128], and PE [68]—were used for the production of block co-micelles. As an exam-
ple, sequential living CDSA of a polystyrene–block–polyethylene–block–polystyrene (PS–b–
PE–b–PS; SES) triblock copolymer with a PS–b–PE–b–PMMA (SEM; PMMA: poly(methyl
methacrylate)) triblock terpolymer yielded B–A–B- or A–B–A-type triblock co-micelles with
patchy outer or inner B blocks, respectively (Figure 3d) [68]. Interestingly, the choice of seed
micelles was crucial for the successful formation of triblock co-micelles, as worm-like SES
micelles are accessible on both micelle ends for epitaxial growth, whereas patchy, worm-
like SEM micelles show diverse growth behavior, which is predefined by the arrangement
of the corona chains at the micelles’ ends.

The scope of complex micellar assemblies is further extended by hierarchical self-
assembly, using block co-micelles as building blocks for the formation of 2D and three-
dimensional (3D) superstructures. There are different strategies to realize hierarchical
assemblies—for example, coordination-driven co-assembly [129] or dialysis of amphiphilic
block co-micelles against selective solvents, enabling highly efficient side-by-side or end-
to-end stacking (Figure 4a,b) [88,130,131], or spatially confined hydrogen-bonding interac-
tions [132,133]. The latter opens access to numerous hierarchical 2D morphologies, such as
“I”-shaped, cross, shish-kebab (Figure 4c) or windmill-like (Figure 4d) structures, by pre-
cisely tailored interactions between hydrogen donor and hydrogen acceptor units within
the block co-micelles. However, not only the attractive interactions by hydrogen-bonding
have to be taken into account, but also repulsive interactions caused by steric hindrance of
the corona chains. To overcome this problem, tuning the length of the hydrogen acceptor
blocks has proven to be a suitable solution, rendering 3D assemblies possible. It is noted
that 2D platelet-like hierarchical superstructures, as well as more complex micelle archi-
tectures like double- and single-headed, spear-like micelles [90], scarf-like micelles [89],
diamond-fiber hybrid structures [81], or platelets with various shapes (rectangular, quasi-
hexagonal, and diamond platelet micelles) [82–85] are accessible.
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acceptor middle corona block (P2VP, colored in green). (d) “Windmill”-like supermicelles via living CDSA of a PFS-b-PtBA
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(a,b) reproduced from [88] with permission of AAAS, (c) reproduced from [133] with permission of ACS, and (d) from [132]
with permission of Springer Nature.

4. Self-Assembly Concepts for Patchy Micelles with Crystalline Cores
4.1. CDSA of Linear and Star-Shaped Triblock Terpolymers

The most widely used route toward crystalline-core patchy micelles is the CDSA
of linear ABC triblock terpolymers with a crystallizable middle block (Table 1) [134].
In contrast to block co-micelles, where the sequential living CDSA of different diblock
copolymers results in a block-type segmentation of the corona, the incompatibility of the
corona-forming blocks is the driving force for corona segregation in CDSA of triblock
terpolymers. This affects the average width of the patches and leads to an alternating,
chess-board-like arrangement of the corona patches [135]. Worm-like CCMs (wCCMs) with
a patchy corona were first reported in 2008 for triblock terpolymers with a semicrystalline
PE middle block and two amorphous outer blocks, namely PS and PMMA (SEM) [93].
Since patchy, worm-like (or cylindrical) CCMs based on these triblock terpolymers have
been intensively studied, the self-assembly mechanism will be elucidated in detail on
this example.

Initially, the SEM triblock terpolymers are placed in a good solvent for the amorphous
blocks and heated above the melting temperature of the semicrystalline PE block in the
given solvent (Figure 5a) [94]. Depending on the solvent quality for the PE middle block,
different micelle morphologies are formed. In good solvents for the molten PE block (for
example, THF or toluene), the triblock terpolymers are molecularly dissolved, i.e., unimers
are formed. In bad solvents for PE (for example 1,4-dioxane), the molten PE block collapses,
and spherical micelles with an amorphous (molten) PE core are observed. Cooling of the
corresponding unimer solution (in good solvents) or dispersion of spherical micelles (bad
solvents) results in the nucleation of PE crystallization. In good solvents, the nuclei are
stable and able to initiate the bidirectional, 1D epitaxial growth of the remaining unimers
to generate wCCMs. However, in bad solvents, the spherical shape of the micelles dictates
the final morphology of the CCMs. Consequently, confined crystallization of PE in the
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respective micellar cores leads to the generation of spherical CCMs. In both cases, the
micelle corona exhibits a patch-like, microphase-separated (patchy) structure, whereas for
wCCMs the patchy structure of the corona is more pronounced (Figure 5b,c). For wCCMs,
an almost alternating arrangement of the PS and PMMA patches in the corona can be
deduced from transmission electron microscopy (TEM) [94], and was also confirmed by
small-angle neutron scattering studies [135].

Table 1. Overview of self-assembly concepts for patchy micelles with a crystalline core.

Self-Assembly Concept Employed BCPs Special Feature Reference

CDSA of triblock terpolymers

Linear triblock terpolymers

PS–b–PE–b–PMMA

Control over micelle morphology,
length control through seeded
growth, co-crystallization with

PS–b–PE–b–PS

[93,94,134–136]

PS–b–PE–b–PDxA 1 Functional groups for
NP incorporation [137,138]

PS–b–PFS–b–PMMA

Control over patch size,
co-crystallization with diblock
co-polymers of varying PS and

PMMA block lengths

[139]

PS–b–PFS–b–PMVS,
PI–b–PFS–b–PMMA

Length control through
seeded growth [140]

Star-shaped triblock terpolymers µ-SIF
Seeded growth, block co-micelles

with patchy µ-SIF outer blocks, and
middle block based on PFS-b-PDMS

[141]

Non-covalent grafting on
carbon nanotubes PS–b–PE–b–PMMA Temperature-stable patchy

hybrid materials [142]

Co-assembly of diblock copolymers

Sterically demanding co-unimers PFS–b–PMVS,
PFS–b–PMVS(C18) 2

Gradual coassembly of linear and
brush-type BCPs [143]

Strong difference in Flory–Huggins
interaction parameters of

corona chains

PFS–b–PDMS, PFS–b–PMVS,
PFS–b–PI

Different patch arrangements
accessible (helical, hemispherical) [144]

Manipulation of the epitaxial growth
rate or the critical

dissolution temperature

PFS–b–P2VP, PFS–b–PNiPAM,
PFS–b–P2VPQ 3 Patchy or blocky structures accessible [80,145]

Addition of crystallizable
homopolymer,

heating–cooling–aging approach

PFS, PFS–b–PDMS, PFS–b–PI,
PFS–b–PMVS, PFS–b–P2VP

PFS crystal fragments serve as seeds,
patchy or blocky structures,

easy up-scaling
[146]

1 PDxA: poly(N,N-dialkylaminoethyl methacrylamide). 2 PMVS block alkylated by C18 alkyl chains. 3 Quaternized P2VP.

A facile way to tailor the sizes of the PS and PMMA corona patches is random co-
crystallization of an SEM triblock terpolymer with a corresponding SES triblock copolymer,
bearing two PS end blocks [136]. A systematic increase of the SES fraction led to a decrease
of the PMMA patch size (Figure 7a). Thus, this approach allows to tune the corona structure
by a simple co-assembly without the need to synthesize new triblock terpolymers for each
desired corona composition. Another efficient way to modify the corona patches is the
introduction of functional groups via selective amidation of the PMMA block in SEM
triblock terpolymers with different N,N-dialkylethylenediamines [137,138]. CDSA in THF
led to patchy wCCMs, for which the patch size and shape could be tuned by varying the
block length ratio of the corona blocks (Figure 7b,c) and selective solvent interactions. The
functionalized, patchy corona enables an application of these wCCMs as templates for
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the incorporation of inorganic nanoparticles (NPs), which will be discussed in detail in
Section 5.2.
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Figure 5. (a) Schematic representation of the proposed mechanism for the formation of patchy worm-
like and spherical crystalline-core micelles (wCCMs and sCCMs, respectively) from SEM triblock
terpolymers (PS blocks are represented in blue, PE in black, and PMMA in red). TEM images of (b)
patchy S340E700M360 wCCMs prepared by CDSA in THF and subsequent annealing at 45 ◦C for 3 h,
and (c) patchy S340E700M360 sCCMs formed in dimethylacetamide (subscripts denote the respective
average degrees of polymerization, PS was selectively stained with RuO4 vapor and appears dark).
Reproduced from [94] with permission of ACS.

The patchy corona structure of SEM wCCMs can also be transferred to multiwalled
carbon nanotubes (CNTs) by a non-covalent grafting approach that forms 1D patchy
hybrids (Figure 7d) [142]. In contrast to CDSA, which is commonly used to obtain patchy
wCCMs, these patchy hybrids were prepared by an ultrasound-assisted process. Here, the
PE block selectively adsorbs onto the CNT surface, while the soluble PS and PMMA blocks
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form the patchy corona. The driving force for CNT functionalization is the high affinity
of the PE block to the CNT surface, which was supported by the use of a SEM triblock
terpolymer, which is not able to crystallize at room temperature, but successfully generates
patchy CNT hybrids.

Different attempts were made to exchange the PE block with another crystallizable
block in order to generate patchy wCCMs. Successful examples are triblock terpolymers
of PS–b–PFS–b–PMMA, PS–b–PFS–b–PMVS, and PI–b–PFS–b–PMMA [139,140], as well as
µ-ABC miktoarm star terpolymers with a crystallizable PFS block (Figure 6a) [141]. The
PFS-containing triblock terpolymers were able to undergo a seeded growth protocol for
living CDSA in different solvents to form patchy wCCMs of predictable length (Figure 6b).
Remarkably, the living CDSA of all triblock terpolymers proceeded rather slowly compared
to PFS-containing diblock copolymers, which was attributed to two effects: (i) the compa-
rably high steric hindrance caused by the two corona blocks surrounding the core-forming
block, and (ii) the choice of solvent, which did not sufficiently support the crystallization of
PFS. For the PS–b–PFS–b–PMMA triblock terpolymers, the corona chain length (core to total
corona block ratio) was varied, and co-crystallization of the resulting triblock terpolymers
resulted in block co-micelles with a patchy corona. Interestingly, the different micelle
blocks were still discernible by TEM analysis because of the different corona thicknesses
(Figure 6c).
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Figure 6. (a) Patchy micelles formed by CDSA of a µ-SIF (polystyrene–arm–polyisoprene–arm–
poly(ferrocenyl dimethylsilane)) miktoarm star terpolymer in ethyl acetate. (b) Patchy cylindrical
micelles and (c,d) patchy ABA-type triblock co-micelles with a crystalline PFS core and a patchy
PS/PMMA corona prepared in acetone (scale bars = 100 nm). In (c,d), triblock terpolymers with
PS and PMMA blocks of different lengths were used to alter the width of the patchy corona in the
middle and outer blocks of the triblock co-micelles (in the sketches PS is depicted in light grey and
PMMA in purple). (a) Reprinted from [141], and (b–d) from [139] with permission of ACS.
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Figure 7. (a) Random co-crystallization of a SES triblock copolymer and a SEM triblock terpoly-
mer, in order to tune the size of the corona patches. TEM images of patchy wCCMs obtained by
co-crystallization of S380E880S390 with S340E700M360 in THF (subscripts denote the respective aver-
age degrees of polymerization), revealing a decreasing size of the bright-appearing PMMA corona
patches with an increasing amount of S380E880S390 (scale bars: 100 nm). TEM images of patchy
(b) S415E830DMA420 and (c) S660E1350DMA350 wCCMs (DMA: N,N-dimethylaminoethyl methacry-
lamide), as well as (d) 1D patchy hybrids with a CNT core and a patchy PS/PMMA corona prepared
by ultrasound-assisted, non-covalent grafting of an SEM triblock terpolymer onto CNTs. For all
samples, PS was selectively stained with RuO4 vapor and appears dark. (a) Reproduced from [136]
with permission of Elsevier, (b,c) reprinted from [138] with permission of RSC, and (d) reproduced
from [142] with permission of ACS.

4.2. Co-Assembly of Diblock Copolymers

The simultaneous co-assembly of PFS-based diblock copolymers represents an alter-
native way of producing patchy, cylindrical CCMs, next to the use of synthetically more
demanding linear or star-shaped triblock terpolymers (Table 1). However, the corona
patches of the resulting micelles are usually arranged in a blocky rather than an alternating
manner. Consequently, the micelles produced with this approach represent a special case
of patchy CCMs. The first example of these patchy block co-micelles was reported in 2014,
and is based on the co-crystallization of linear and brush-type BCPs with a crystallizable
PFS block [143]. Starting from a linear PFS–b–PMVS diblock copolymer, the PMVS corona
block was alkylated via thiol–ene functionalization, in order to yield a brush-type BCP
with pendant C18 alkyl chains. The brush-type BCPs showed poor crystallization behavior,
due to the steric repulsion of the alkyl moieties. However, simultaneous co-crystallization
with the linear BCP, applying cylindrical PFS–b–PDMS seed micelles, resulted in a gradual
integration of the brush-type unimers. Hence, a patchy corona segmentation of the end
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blocks was observed for the produced B–A–B triblock co-micelles by TEM and atomic force
microscopy (AFM) (Figure 8a).

Polymers 2021, 13, x FOR PEER REVIEW 12 of 25 
 

 

4.2. Co-assembly of Diblock Copolymers 
The simultaneous co-assembly of PFS-based diblock copolymers represents an alter-

native way of producing patchy, cylindrical CCMs, next to the use of synthetically more 
demanding linear or star-shaped triblock terpolymers (Table 1). However, the corona 
patches of the resulting micelles are usually arranged in a blocky rather than an alternat-
ing manner. Consequently, the micelles produced with this approach represent a special 
case of patchy CCMs. The first example of these patchy block co-micelles was reported in 
2014, and is based on the co-crystallization of linear and brush-type BCPs with a crystal-
lizable PFS block [143]. Starting from a linear PFS–b–PMVS diblock copolymer, the PMVS 
corona block was alkylated via thiol–ene functionalization, in order to yield a brush-type 
BCP with pendant C18 alkyl chains. The brush-type BCPs showed poor crystallization 
behavior, due to the steric repulsion of the alkyl moieties. However, simultaneous co-
crystallization with the linear BCP, applying cylindrical PFS–b–PDMS seed micelles, re-
sulted in a gradual integration of the brush-type unimers. Hence, a patchy corona seg-
mentation of the end blocks was observed for the produced B–A–B triblock co-micelles by 
TEM and atomic force microscopy (AFM) (Figure 8a). 

 
Figure 8. (a) TEM (top), as well as AFM topography (bottom left) and phase (bottom right) images 
of B–A–B triblock co-micelles with patchy end blocks prepared by the co-crystallization of linear 
and brush-type BCPs with a crystallizable PFS block, employing cylindrical PFS–b–PDMS seed mi-
celles. (b) Patch-like segmented and (c) B–A–B triblock co-micelles produced by controlling the ep-
itaxial growth rate of PFS–b–PNiPAM over PFS–b–P2VP onto cylindrical PFS–b–P2VP seed micelles. 
Comparable growth rates resulted in patch-like segmentation and dissimilar growth rates in a 
blocky structure of the corona. (d) B–A–B triblock co-micelles and (e) patch-like, segmented co-mi-
celles prepared by synergistic self-seeding of a mixture of short PFS–b–PNiPAM and PFS–b–P2VP 
cylindrical micelles. In (d), the P2VP middle block corona was selectively stained with platin NPs. 
(b–e) In the respective sketches, PFS is colored in light orange, P2VP in blue, and PNiPAM in red. 
(a) Reprinted from [143], (b,c) reprinted from [145] with permission of ACS, and (d,e) reproduced 
from [80] with permission of RSC. 

The preparation of patchy block co-micelles is not limited to sterically demanding co-
blocks, but can be induced by a strong difference in the Flory–Huggins interaction param-
eter between the corona-forming blocks [144]. Blends of PFS–b–PDMS with PFS–b–PMVS 
and PFS–b–PI, respectively, were co-crystallized, resulting in a blocky corona segmenta-

Figure 8. (a) TEM (top), as well as AFM topography (bottom left) and phase (bottom right) images
of B–A–B triblock co-micelles with patchy end blocks prepared by the co-crystallization of linear
and brush-type BCPs with a crystallizable PFS block, employing cylindrical PFS–b–PDMS seed
micelles. (b) Patch-like segmented and (c) B–A–B triblock co-micelles produced by controlling
the epitaxial growth rate of PFS–b–PNiPAM over PFS–b–P2VP onto cylindrical PFS–b–P2VP seed
micelles. Comparable growth rates resulted in patch-like segmentation and dissimilar growth rates
in a blocky structure of the corona. (d) B–A–B triblock co-micelles and (e) patch-like, segmented co-
micelles prepared by synergistic self-seeding of a mixture of short PFS–b–PNiPAM and PFS–b–P2VP
cylindrical micelles. In (d), the P2VP middle block corona was selectively stained with platin NPs.
(b–e) In the respective sketches, PFS is colored in light orange, P2VP in blue, and PNiPAM in red.
(a) Reprinted from [143], (b,c) reprinted from [145] with permission of ACS, and (d,e) reproduced
from [80] with permission of RSC.

The preparation of patchy block co-micelles is not limited to sterically demanding
co-blocks, but can be induced by a strong difference in the Flory–Huggins interaction
parameter between the corona-forming blocks [144]. Blends of PFS–b–PDMS with PFS–
b–PMVS and PFS–b–PI, respectively, were co-crystallized, resulting in a blocky corona
segmentation. Staining with Karstedt’s catalyst (selective for PI and PMVS) revealed the
small corona patches and made two different patch arrangements visible (helical pattern
and hemispherical shape). In a subsequent study, the competitive seeded-growth kinetics
of the simultaneous co-crystallization of diblock copolymers bearing different corona
blocks was investigated [145]. To this end, PFS–b–poly(2–vinylpyridine) (PFS–b–P2VP) was
co-crystallized with two different PFS–b–poly(N-isopropyl acrylamide) (PFS–b–PNiPAM)
diblock copolymers using short PFS–b–P2VP seed micelles. The length of the PFS block
was similar in all used diblock copolymers, but the corona block length of the PFS–b–
PNiPAM diblock copolymers differed, which affected the epitaxial growth rate of the
PFS–b–PNiPAM unimers on the seed micelles. If this growth rate was comparable to that
of the competing PFS–b–P2VP unimers, patchy micelles were observed (Figure 8b). If,
on the other hand, the growth rates of the two competing diblock copolymers differed
significantly, the formation of block co-micelles was preferred (Figure 8c). Additionally,
the epitaxial growth rate of the PFS–b–P2VP diblock copolymers was manipulated by
quaternization of the P2VP block, which generated a permanent positive charge within the
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corona chains. Co-crystallization with a PFS–b–PNiPAM diblock copolymer, which yielded
a patchy structure with the non-quaternized PFS–b–P2VP, then led to a blocky arrangement
of the patches, which could again be attributed to the differing epitaxial growth rates.

Beyond changes in the epitaxial growth rate by manipulation of the corona chains,
the crystallization behavior of the PFS core block can also be altered [80]. A variation
in the PFS block length affects the so-called critical dissolution temperature (Tc). This
temperature describes the point at which the initial average micelle length doubles upon
cooling. Heating a mixture of two different micelle fragments with similar Tc values to
an annealing temperature (Ta), and Ta < Tc results in separate micelle fragments. If Ta is
in the range of the Tc of both micellar fragments, the micellar fragments dissolve partly,
and tadpole-shaped fragments are observable. If Ta > Tc, self-seeding is taking place
and the growth kinetics are dictated by the epitaxial growth rates of the two competing
unimer types, i.e., a patchy morphology is observed for similar growth rates and a blocky
arrangement of the patches results from dissimilar growth rates (Figure 8d). The self-
seeding behavior changes if two diblock copolymers with different Tc values are employed.
If Ta is raised above the Tc of one of the diblock copolymers, but is still lower than the
Tc of the other diblock copolymer, the diblock copolymer with the lower Tc will partly
or almost fully dissolve and epitaxially grow from the remaining micelle seed fragments
of both diblock copolymers. This results in either match stick-like micelles or block co-
micelles. If Ta is increased well above the Tc of both diblock copolymers, again the growth
kinetics determine the final observable corona arrangement—i.e., for similar growth rates,
a patchy segmentation is generated (Figure 8e). This concept can also be transferred
to mixtures of PFS homopolymers and PFS-based BCPs [146]. Due to the higher Tc of
the PFS homopolymer, a certain fraction of PFS homopolymer crystal fragments will
survive upon proper choice of Ta; these fragments then act as seeds upon subsequent
cooling and annealing. This not only allows the production of cylindrical micelles of
uniform length, but also of well-defined block co-micelles or patchy micelles employing
a mixture of PFS with different PFS-based BCPs. An important feature of this approach
with respect to applications is the comparably easy scale-up, enabling the production of
uniform cylindrical micelles of controlled architecture up to concentrations of 10% (w/w
solids) or more.

5. Properties and Applications
5.1. Interfacial Activity and Blend Compatibilization

The alternating, patch-like arrangement in the corona of worm-like (or cylindrical)
patchy CCMs offers a high potential for a variety of applications. As was shown for
amorphous Janus micelles, polymer particles exhibiting two opposing faces made of PS
and PMMA (or poly(tert-butyl methacrylate)) serve as excellent particulate surfactants and
compatibilizers in polymer blends [147–158]. This originates from the unique interfacial
activity of these materials [38]. Patchy wCCMs were proven to show not only a superior
interfacial activity compared to cylindrical micelles with a homogeneous PS corona, but
also an identical interfacial activity compared to that of Janus micelles at a water–toluene
interface (Figure 9a) [159]. Although Janus particles consist of only two clearly separated
compartments (or faces), which facilitates the orientation at interfaces, the unique corona
structure of patchy micelles is able to adapt to the requirements of the interface, i.e., the
respective insoluble block will collapse and the soluble block will expand. Depending on
the molecular weight of the corona-forming blocks and thus, the thickness of the corona,
the interfacial activity could be tuned, and was shown to increase with thickness (at
constant micelle length), which is in good agreement with theoretical predictions [160].
Interestingly, patchy SEM wCCMs can also be hierarchically assembled by a confinement
process through emulsification in a toluene-in-water emulsion and subsequent evaporation
of the solvents. This leads to microparticles with a highly ordered hexagonal close-packed
lattice structure [161].
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Figure 9. (a) Comparison of interfacial tension isotherms of 1 g·L−1 solutions containing SBM
unimers, SES wCCMs with a homogeneous PS corona, SEM wCCMs with a patchy PS/PMMA
corona, and SBM-based Janus cylinders with opposing PS and PMMA faces (given subscripts corre-
spond to average degrees of polymerization of the respective blocks). (b) TEM image of a solvent-cast
PS/PMMA blend (80/20 w/w) compatibilized with 5 wt.%. patchy CNTs (PS/PMMA corona).
(c) Schematic representation of the adaption of the patchy PS/PMMA corona to the PS/PMMA
blend interface by selective collapse/expansion of the incompatible/compatible corona blocks (top)
and histograms of PMMA domain areas for blends with 5 wt.%. and 9 wt.%. patchy CNTs (bot-
tom). (a) Reproduced from [159] with permission of Elsevier and (b,c) reproduced from [162] with
permission of ACS.

The excellent interfacial activity of patchy wCCMs can be harnessed for the efficient
compatibilization of polymer blends, as reported for solvent-cast PS/PMMA (80/20 w/w)
blends [162]. In this work, SEM triblock terpolymers were non-covalently grafted onto the
surface of multiwalled CNTs, in order to obtain temperature-stable hybrid compatibilizers
with a patchy PS/PMMA corona (patchy CNTs, Figure 7d). The performance of these
hybrid compatibilizers was studied depending on their weight fraction, revealing that an
increasing filler content considerably reduced the size of the PMMA droplets (minority
component) in the blends down to 0.13 µm2 for the blend with 9 wt.% patchy CNTs
(Figure 9b,c). Remarkably, the obtained PMMA domain areas were significantly lower
compared to that achieved by using Janus cylinders (L = 2.3 µm, biphasic PS/PMMA
corona) as compatibilizers, resulting in domain areas of 10.2 µm2 and 1.77 µm2 for 5 wt.%
and 10 wt.% Janus cylinders (PS/PMMA = 80/20 w/w), respectively [163]. In addition, the
TEM image taken at higher magnification (inset of Figure 9b) shows that well-dispersed
patchy CNTs are not only located at the PS/PMMA interface, but are also homogeneously
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distributed in the PS and PMMA phase. The homogeneous distribution of the patchy
CNTs, together with their superior compatibilizing efficiency, can be again attributed
to the unique feature of the patchy corona, being able to adapt to their surroundings
(PS/PMMA interface, or neat PS and PMMA phases) by selective collapse/expansion of
the corona blocks.

5.2. Nanoparticle Templates/Hybrids

Metal and metal oxide NPs are highly attractive materials for a multitude of appli-
cations, such as optics, medicine, electronics, or catalysis, originating from their unique
optical properties and high surface-to-volume ratio [164–171]. However, the high surface
area is an ambivalent feature, as it is useful, for example, in catalysis, but considerably
limits the overall stability of NP dispersions, due to agglomeration and Ostwald ripening.
Here, the stabilization of NPs with ligands has proven to be a convenient solution to
overcome this substantial drawback [172–175]. Another highly efficient method is the use
of micellar nanostructures to selectively embed the NPs within functional surface compart-
ments, which not only act as ligands for the NPs, but also keep the NPs’ surface accessible
and inhibits agglomeration due to spatial separation [38,117,118,127,137,176,177].

In particular, patchy wCCMs, with their well-defined, alternating segmented coronas,
have been shown to be versatile NP templates, and even allow the regio-selective incor-
poration of two different NP types, since the chemistry of the two corona-forming blocks
can be tailored to the specific needs of the respective NP [137,138]. In order to obtain these
binary-loaded hybrid materials, based on patchy PS–b–PE–b–poly(dimethylaminoethyl
methacrylamide) (SEDMA) wCCMs, a two-step procedure for the selective decoration of
the patches with NPs was developed (Figure 10a). In the first step, preformed, PS-stabilized
gold NPs were mixed with a dispersion of the functional patchy wCCMs, followed by the
addition of acetone as a selective solvent for the PDMA block, resulting in a collapse of the
PS chains. Due to selective interactions of the PS corona block and the PS-stabilized gold
NPs, the NPs were enclosed within the PS patches upon collapse of the PS chains. In the
following step, preformed, acetate-stabilized zinc oxide NPs were incorporated in the func-
tional patches by a ligand exchange method. Intrinsic staining provided by the inorganic
NPs facilitated an examination of the resulting structures via TEM (Figure 10b,c). The dif-
ferent types of NPs are clearly discernible by their different diameters (D; Dgold NP = 7.9 nm,
Dzinc oxide NP = 2.7 nm) and the contrast (heavy metals generate a higher contrast in TEM
compared to transition metal oxides). Interestingly, despite the small size of the corona
patches (<20 nm), it seems that more than one NP per patch is observable. This might be
attributed to the extremely small size of the chosen inorganic NPs (<10 nm).

The selective functionalization of surface-compartmentalized polymeric micelles with
inorganic NPs was also shown for PFS-containing triblock co-micelles, featuring a quater-
nized P2VP corona in the middle [117,118]. Through electrostatic interactions, the middle
block was selectively loaded with mercaptoacetic acid-stabilized gold NPs, PbS quantum
dots and dextran–magnetite NPs, demonstrating the versatility of block co-micelles as
NP templates. Furthermore, NP hybrid materials with block co-micelles derived from
co-assembly of diblock copolymers were reported. Here, the spatially confined incorpora-
tion of platinum NPs and CdSe quantum dots was enabled by selective interactions with
functional corona patches [146,178].

5.3. Heterogeneous Catalysis

As mentioned in the previous section, an application of noble metal and metal oxide
NPs in catalysis is highly desirable, because of the high catalytically active surface area
of the employed NPs. However, ligands, which are needed for stabilization of the NPs,
might inhibit the superior catalytic activity of the NPs by blocking the surface. Even for
tailor-made ligands, this is a distinct drawback, since these materials are usually hard
to recover after usage. A separation of the catalytically active species from the reaction
medium is challenging and expensive. Immobilizing the catalytically active NPs on suitable

21



Polymers 2021, 13, 1481

supports (e.g., inorganic, polymeric) solves this problem of recoverability, while preserving
the activity and accessibility of the NPs’ surface [179–185]. Nonetheless, agglomeration of
the inorganic NPs on the surface of the heterogeneous supports can occur if the NPs are
insufficiently confined, resulting in a significant loss of activity over several consecutive
catalysis cycles.
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Figure 10. (a) Schematic depiction of the regio-selective, binary loading of patchy SEDMA wCCMs with PS-stabilized gold
(Au) NPs and zinc oxide (ZnO) NPs, respectively (PS is displayed in blue, PE in black, and PDMA in red). (b) TEM image of
S415E830DMA420 wCCMs binary-loaded with Au and ZnO NPs. (c) Bright-field (left) and high-angle annular dark-field
scanning transmission electron microscopy (HAADF-STEM, right) images, clearly revealing the binary loading with two
different NP types. Reproduced and adapted from [138] with permission of RSC.

The highly regular, alternating arrangement of the corona compartments in patchy
wCCMs allows us to efficiently confine inorganic NPs. However, these micellar templates
have to be immobilized on a solid support, which provides high accessibility of the reac-
tants to the catalytically active NPs and easy recovery in order to harness these structures
for heterogeneous catalysis. This issue was overcome by coating different patchy PS–b–PE–
b–poly(dialkylaminoethyl methacrylamide) wCCMs onto the surface of PS nonwovens by
means of coaxial electrospinning (Figure 11a,b) [186,187]. The resulting patchy nonwovens
were loaded with gold NPs through a simple dip-coating process (Figure 11c), which was
driven by a ligand exchange reaction. The hybrid nonwovens were successfully applied
as catalysts for the alcoholysis of dimethylphenylsilane (Figure 11d) at room temperature,
showing a comparable or even higher catalytic activity than other supports reported be-
fore [188–193]. Moreover, the employed patchy hybrid nonwovens were easily recoverable
from the reaction medium and reusable in at least 10 consecutive catalysis cycles.
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Figure 11. (a) Catalytically active, hybrid nonwovens prepared by a combination of bottom-up
(CDSA) and top-down (coaxial electrospinning) approaches. In the first step, patchy nonwovens were
prepared by decorating a PS nonwoven with functional, patchy PS–b–PE–b–poly(dialkylaminoethyl
methacrylamide) wCCMs by coaxial electrospinning (PS patches are depicted in blue and the func-
tional, tertiary amino group containing patches in red). Subsequently, the patchy nonwovens were
loaded with citrate-stabilized Au NPs via a ligand exchange process (citrate against tertiary amino
groups in functional patches). (b) Scanning electron microscopy images of a patchy nonwoven (based
on S415E830DMA420 wCCMs) before and (c) after loading with Au NPs (back-scattered electron
detector). (d) Au NP-catalyzed alcoholysis of dimethylphenylsilane in n-butanol. (e) Kinetics of the
Au NP-catalyzed alcoholysis of dimethylphenylsilane in n-butanol, employing patchy hybrid non-
wovens as catalysts (DiPA = poly(diisopropylaminoethyl methacrylamide). Reproduced from [186]
with permission from RSC.

Since this system offers different possibilities to tune the catalytic activity, an in-depth
study on the influence of the patch size and chemistry on the reaction kinetics was con-
ducted. Here, an extended first-order kinetics model was employed, which includes the in-
duction periods observed in the catalytic alcoholysis of dimethylphenylsilane in n-butanol.
This study revealed a strong dependence on the accessibility of the reactants to the gold NPs’
surface, being mainly controlled by the swellability of the functional patches in n-butanol.
The latter depends on both patch chemistry, i.e., poly(N,N-dimethylaminoethyl methacry-
lamide) (PDMA, more hydrophilic) vs. poly(N,N-diisopropylaminoethyl methacrylamide)
(PDiPA, more hydrophobic) patches, as well as size. As a result, significantly longer in-
duction (tind) and reaction (tR) times were observed for the first catalysis cycles compared
to the tenth cycles (Figure 11e). Nonwovens with more polar PDMA patches were the

23



Polymers 2021, 13, 1481

most efficient in NP stabilization (prevention of agglomeration), but showed a significantly
lower tR in the first catalysis cycle, due to a strong interaction with the gold NPs’ surface.
Thus, precise tuning of the patch size and chemistry is needed to optimize the catalysts
performance. However, the modular design of the patchy hybrid nonwovens enables a
facile adaption to the needs of different catalysis systems—for example, by an exchange of
the support material or by varying the type of NPs. Moreover, it is possible to render the
functionalized patches thermo-responsive [194], which opens access to catalytic reactions
regulated by an inherent temperature control.

6. Conclusions and Outlook

From a conceptual point of view, several strategies exist for the production of patchy
micelles with crystalline cores, such as CDSA of triblock terpolymers with crystallizable
middle blocks, miktoarm stars, or the co-assembly of diblock copolymers with a common
crystallizable block but different corona-forming blocks. However, so far, patchy micelles
have been reported only for BCPs with PE or PFS as crystallizable blocks, despite the fact
that a large variety of crystallizable polymer blocks has already been utilized in CDSA.
Here, ring-opening polymerization of lactones or lactides, in combination with controlled
radical polymerization techniques, might be another promising alternative, as BCPs based
on PCL or PLLA as crystallizable blocks are readily accessible. Moreover, PFS could be
replaced by ruthenocene-based BCPs, which show a higher degree of crystallinity but are
less studied for CDSA. Finally, patchy micelles could be derived from the simultaneous
heteroepitaxial growth of two crystallizable di- or triblock copolymers bearing different
core- and corona-forming blocks, inducing segmentation within the core as well as in
the corona.

The alternating arrangement of the corona patches emerges as an excellent feature for
the stabilization and confinement of metal and metal oxide nanoparticles, opening applica-
tions in heterogeneous catalysis. Yet this has been shown only for the gold nanoparticle-
catalyzed alcoholysis of silanes, and it is anticipated that this concept can be transferred
to other relevant catalytic processes like heterogeneous hydrogenation. By incorporating
different nanoparticle types, even cascade reactions might be realizable. Most interestingly,
the interfacial activity of patchy, worm-like (or cylindrical) micelles is equivalent to that of
Janus micelles, the latter being, however, more difficult to produce. Thus, patchy micelles
might be utilized in interfacial catalysis, as well as in the efficient stabilization of emulsions
or compatibilization of polymer blends.
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Abstract: Polypeptoids, a class of synthetic peptidomimetic polymers, have attracted increasing
attention due to their potential for biotechnological applications, such as drug/gene delivery, sensing
and molecular recognition. Recent investigations on the solution self-assembly of amphiphilic
block copolypeptoids highlighted their capability to form a variety of nanostructures with tailorable
morphologies and functionalities. Here, we review our recent findings on the solutions self-assembly
of coil-crystalline diblock copolypeptoids bearing alkyl side chains. We highlight the solution self-
assembly pathways of these polypeptoid block copolymers and show how molecular packing and
crystallization of these building blocks affect the self-assembly behavior, resulting in one-dimensional
(1D), two-dimensional (2D) and multidimensional hierarchical polymeric nanostructures in solution.

Keywords: polypeptoids; diblock copolymers; crystallization; solution self-assembly

1. Introduction

Self-assembly of amphiphilic block copolymers (BCPs) in solution is one of the most
fascinating phenomena in polymer physics due to the unique properties and numerous
potential applications of the resulting nanostructures. The creation of various well-defined
polymeric nanostructures with tailorable size and functionalities via solution self-assembly
is not only useful in drug delivery, catalysis, optoelectronics and structured nanomaterials,
but also provided unique perspective to understand the structural complexity and assembly
rules of biomacromolecules observed in biological systems. To minimize the total free
energy of the system, polymeric amphiphiles tend to self-assemble into well-defined
morphologies in a selective solvent whenever the polymer concentration is above the
critical micelle concentration (CMC). For coil–coil diblock copolymers in selective solvent,
the most common self-assembled morphologies include spherical micelles, wormlike
micelles and vesicles with a core-shell type of architecture. The thermodynamic equilibrium
morphology of these self-assembled structures is described by the so-called dimensionless
packing parameter, p, which is defined by p = v/a0lc, where v and lc are the volume and
the length of the solvophobic block, respectively, and a0 is the optimal surface area of
the solvophilic block at the core-corona interface [1]. In many cases, the thermodynamic
equilibrium with lowest free energy is not readily achieved, as the molecular exchange
amongst polymeric aggregates is sluggish relative to their self-assembly process [2]. This in
turn opens up opportunities to utilize different self-assembly pathways to attain uncommon
solution morphologies that are kinetically trapped.

The early scaling work done by Vilgis and Halperin [3] suggested that by introducing
a crystallizable block, which adds an extra driving force into the system, the self-assembly
behavior of amphiphilic BCPs in solution can be significantly altered. The crystalline core
confined within polymeric micelles may provide novel control options when used as seeds
for further crystallization. During the past two decades, solution self-assembly of BCPs
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with a crystallizable block has been used as an effective method for the generation of
various non-spherical polymeric micelles or nanostructures, including one-dimensional
(1D) nanofibers or nanorods [4–6], two-dimensional (2D) nanosheets or platelets [7–9] or
even more sophisticated hierarchical nanostructures under specific conditions [10]. This
is also known as the so-called crystallization-driven self-assembly (CDSA) process where
the aggregate morphology and self-assembly pathways are dominated by the epitaxial
crystalline growth of macromolecular building blocks in solution. More importantly, upon
crystallization, the molecular exchange is often restricted due to high free energy penalty,
resulting in kinetically trapped molecular assemblies in an out-of-equilibrium state with
a very long lifetime [2,11–15]. As a result, one can access novel polymeric nanostruc-
tures with varying morphology by controlling the self-assembly pathways during sample
preparation. It has been shown that CDSA pathways and final solution morphologies of
BCPs can be influenced by many factors, such as chemical composition, block ratios, poly-
mer concentration, polymer–solvent interactions, molecular packing of the crystallizable
block, annealing condition and other external stimuli [8,16–21]. In some cases, the solution
self-assembly of crystallizable BCPs can proceed in a living fashion by gradually adding
molecularly dissolved unimers to the pre-existing “seed” crystals, enabling the access to
near monodisperse anisotropic nanostructures or hierarchical assemblies with varying
levels of structural complexity in solution [5,10,19,22–29].

Non-spherical nanomaterials formed by the solution self-assembly of biocompat-
ible macromolecules exhibit unique properties that are desirable in many biomedical
and biotechnological applications, such as drug/gene delivery [30,31] and biomineral-
ization [32]. For example, relative to spherical nanoparticles, elongated filomicelles or
nano-disks can either lead to longer blood circulation time [30] or promote cell exterior
binding with reduced cell uptake [33]. To date, chemists have used many crystalline poly-
mers as the primary core-forming building blocks to facilitate the CDSA of amphiphilic
BCPs in solution, including flexible linear polymers (e.g., polyethylene [15,16], poly(ε-
caprolactone) [9,17,34], poly(L-lactide)) [8,21,23] and polymers with either relatively rigid
backbones or bulky side groups that exhibit either crystalline or liquid crystalline (LC)-
like behaviors (e.g., poly(2-(perfluorooctyl)ethyl methacrylate [35,36], poly(γ-benzyl-L-
glutamate) [37], polyferrocenylsilanes [6,10,38,39] and polythiophenes [26,28]). However,
considering the potential use of polymeric self-assemblies in biomedical and biotech-
nological applications, there is also a need of polymers that have desirable bioactivity,
cytocompatibility, biodegradability and enzymatically stability.

As a class of bioinspired synthetic polymers, polypeptoids featuring N-substituted
polyglycine backbones are structural mimics of polypeptides [40–45]. Due to the absence
of hydrogen bonding and stereogenic centers along the backbone (Figure 1), polypeptoids
exhibit good thermal processability and solubility in various organic solvents, as well
as enhanced protease stability, in sharp contrast to polypeptides. These features make
polypeptoid a potential candidate for a wide variety of biomedical and biotechnologi-
cal applications, such as antifouling coatings [46–51], drug/gene delivery [52–55] and
biosensing [56–58]. Recent developments in the controlled polymerization and solid-phase
synthesis have enabled access to a variety of polypeptoids with tailorable chain length,
N-substituent structures, sequence, and architecture [59–68]. In the past several years, solu-
tion self-assembly of block copolypeptoids have especially attracted increasing attention
due their capability to form various self-assembled nanostructures with tailorable structure,
morphology, and functionality [60,67–85]. Given their molecular tunability, polypeptoid-
based BCPs are considered as a promising biomimetic platform for macromolecular and
supramolecular engineering for biomedical and biotechnological applications.
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Figure 1. Structures of polypeptoids bearing various alkyl side chains that have been reported.

This review highlights our recent experimental findings on solution self-assembly of
coil-crystalline diblock copolypeptoids bearing alkyl side chains. In the next section, we
briefly discuss the synthesis and crystallization behavior of polypeptoids bearing alkyl side
chains. In Section 3, we focus on the CDSA of coil-crystalline diblock copolypeptoids in
solution. The effects of molecular packing, block composition and side chain architecture
on CDSA, as well as the self-assembly pathways are presented. Perspectives on the
solution self-assembly of coil-crystalline diblock copolypeptoids bearing alkyl side chains
are followed by a brief conclusion.

2. Polypeptoids Bearing Alkyl Side Chains: Synthetic Methods and Their
Phase Behavior
2.1. Controlled Ring-Opening Polymerization (ROP) for Polypeptoids

Polypeptoid-based polymers are commonly synthesized via two methods: (1) Submonomer
solid-phase synthesis, and (2) ring-opening polymerization (ROP) of N-substituted glycine de-
rived N-carboxyanhydride (R-NCA) or N-thiocarboxyanhydride (R-NTA) monomers using
nucleophilic initiators (e.g., primary amine). The former method involves the growth of
polypeptoid chain from the C-terminus to the N-terminus by alternating attachment of
bromoacetic acid and various primary amines on a NH2-bearing solid support [42,86].
The stepwise synthetic method allows the access to monodispersed polypeptoids with
diverse structures and precise control of chain length and sequences, which is advanta-
geous for applications where sequence-defined copolypeptoids with complex side chain
functionalities are required [40,68,69,72,73,87–92]. However, long chain polypeptoids with
degree of polymerization (DPn) greater than 50 are difficult to obtain by the sub-monomer
method. By contrast, high molecular weight polypeptoids can be synthesized by con-
trolled ROP of R-NCA or R-NTA monomers using nucleophilic initiators such as primary
amines [41,62,66,93]. A wide variety of R-NCA or R-NTA monomers have been reported
for primary amine-initiated ROP of polypeptoids bearing various N-substituents in a one-
pot fashion [44,62,65,66,93–96]. As this review is focused on the solution self-assembly of
diblock copolypeptoids bearing alkyl side chains with relatively high molecular weight, we
will mainly discuss the polymer synthesis using the controlled ROP method. The readers
are referred to the previous reviews [41–45] for a more comprehensive view regarding the
synthesis of peptoids and polypeptoids.

As shown in Scheme 1, diblock copolypeptoids can be synthesized by controlled
ROP of R-NCA monomers in a sequential manner using nucleophilic initiators such as
primary amines. This feature has been attributed to the controlled/living nature of ROP of
R-NCAs [59,61,62]. By reaching a complete conversion of the first R-NCA, the second R-
NCA can be directly added to the reaction mixture as long as the product maintains a good
solubility, where the entire polymerization reaction can be easily monitored by infrared
(IR) spectroscopy. The actual molecular weight and block ratio of the final product can be
determined by end-group analysis using 1H NMR spectroscopy in conjunction with matrix-
assisted laser desorption/ionization time-of-flight mass spectrometry (MALDI-TOF MS),
size-exclusion chromatography (SEC) or viscosity measurements. As R-NCAs are very sen-
sitive to moisture, the use of anhydrous solvents is necessary, and the reactions are normally
conducted under anhydrous condition with water content less than 30 ppm to avoid side re-
actions. Luxenhofer et al. have shown that the benzyl amine-initiated ROP of R-NCA, such
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as N-methyl N-carboxyanhydride (Me-NCA) and N-butyl N-carboxyanhydride (Bu-NCA)
proceeded in a controlled manner without chain transfer or termination events, yielding
well-defined homopolypeptoids with controlled molecular weights and narrow molecu-
lar weight distributions (PDI < 1.1–1.3) [61,62]. In addition, they also have shown that
well-defined block copolypeptoids, e.g., poly(N-methyl glycine)-b-poly(N-butyl glycine)
(PNMG-b-PNBG), can be produced by controlled ROP with sequential monomer addi-
tion [61,62]. In our previous studies [60,70,79,84], a variety of well-defined amphiphilic
diblock copolypeptoids that comprised of at least one crystallizable block with relatively
low PDIs have been synthesized via benzyl amine-initiated ROPs of R-NCAs in a sequential
manner, allowing us to further investigate their CDSA behaviors in solution. There are
several aliphatic N-substituents can be readily used for the molecular design (Figure 1). For
coil-crystalline diblock copolypeptoids, Me-NCA is the most commonly used monomer to
produce the amorphous PNMG block, whereas R-NCAs bearing long n-alkyl groups (e.g.,
N-octyl N-carboxyanhydride (Oct-NCA) and N-decyl N-carboxyanhydride (De-NCA))
are often used to produce the crystallizable block. Branching of the alkyl side chains can
also be introduced to tune the inter- and intramolecular interactions of polypeptoid, thus
allowing their molecular packing and phase behavior to be systematically tailored.
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Scheme 1. (a) Synthesis of linear diblock copolypeptoids via primary amine-initiated ROP of R-NCAs in a sequential
manner. R’NH2: Primary amine. (b) Synthesis of cyclic diblock copolypeptoids via NHC-mediated ZROP of R-NCAs in a
sequential manner.

While primary amine-initiated ROP of R-NCAs yields linear diblock copolypep-
toids, recent synthetic developments in the organo-mediated zwitterionic ring-opening
polymerization (ZROP) of R-NCAs have also enabled access to polypeptoids with cyclic
topology [59]. In previous studies, N-heterocyclic carbenes (NHCs) have been used as
initiators/organo-catalysts to initiate/mediate ZROP of R-NCAs (e.g., Me-NCA, Bu-NCA
Oct-NCA and De-NCA) for a variety of well-defined cyclic polypepotids with tunable
molecular weight and narrow dispersity [59,63,93,97]; 1,8-Diazabicycloundec-7-ene (DBU),
a bicyclic amidine that is less sensitive to air and moisture relative to NHC, has also been
demonstrated capable of mediating ZROPs of R-NCAs in a similar manner [98,99]. It has
been demonstrated that the ZROP proceeded through a zwitterionic propagating intermedi-
ate where the two oppositely charged chain ends are held in proximity through electrostatic
interaction. Low dielectric solvents, such as tetrahydrofuran (THF) and toluene, were nor-
mally used to avoid intramolecular transamidation relative to chain propagation and
ensure a controlled ZROP reaction [44]. The quasi-living nature of the organo-mediated
ZROP also enable the access to well-defined amphiphilic cyclic diblock copolypeptoids by
sequential monomer addition (Scheme 1b), which allow us to exploit the effect of chain
topology on solution self-assembly [60].
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2.2. Molecular Packing and Phase Behavior of Polypeptoid Homopolymers Bearing Alkyl
Side Chains

As aforementioned, the self-assembly pathway and final aggregate morphology of
amphiphilic coil-crystalline diblock copolymers in solution depends strongly on the molec-
ular packing and phase behavior of the crystallizable block. Thus, it is important to first
gain a thorough understanding on the general packing motifs and crystallization behavior
of the corresponding homopolymers. As one would expect, molecular packing, crystal-
lization behaviors, thermal transitions and solubility of polypeptoids highly rely on their
N-substituent structures. Here, we briefly summarize the molecular packing and phase
behavior of homopolypeptoids bearing alkyl side chains.

Polypeptoids bearing linear aliphatic N-substituents shorter than 2 carbons are amor-
phous and behave as random coil-like polymers. The most famous example is poly
(N-methyl glycine) (PNMG), a.k.a. polysarcosine, the simplest member of the polypeptoid
family, which is amorphous and can be readily dissolved in water or alcohol [100–102].
As a promising biodegradable poly (ethylene glycol) (PEG)-alternative, PNMG can be
served as hydrophilic component by providing steric stabilization of nanostructures, plas-
monic particles or proteins for various biomedical applications, such as drug delivery and
theranostics [54,102–107]. On the other hand, it has been found that polypeptoids with
relatively long linear n-alkyl side chains (4 ≤ S ≤ 14, where S is the number of carbon
atoms in the n-alkyl group) are highly crystalline in the solid state [89,97,108]. Using X-ray
diffraction and molecular dynamics simulations, Balsara, Zuckermann and coworkers
have revealed their general packing motif: Polypeptoid molecules bearing n-alkyl side
chains tend to adopt a board-like structure in the crystalline state, where the backbone is
fully extended in an all-cis backbone conformation and is approximately coplanar with
the n-alkyl side chains (Figure 2) [108]. The all cis-amide backbone conformation, which
is more compact and possesses a higher degree of ordering than the all-trans backbone
conformation, allows for more favorable intra- and inter-molecular interactions upon crys-
tallization/supramolecular assembly. With N backbone repeating units and S number of
carbons on the n-alkyl side chains, the unit cell dimensions, namely a, b and c, follow a universal
relationship, in which a = 0.455 nm, b = (0.298N + 0.035) nm and c = (0.186S + 0.55) nm. Note that
crystallization of these board-like polypeptoids can occur at relatively low number-average
degree of polymerization (e.g., DPn = 9) in both solid and solution states [72,108].
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Figure 2. The unit cell dimensions (left) and supramolecular assembly of peptoid molecules with
all cis-amide backbone conformation in the crystalline state (right). Figure reproduced from refer-
ence [108] with permission from the American Chemical Society.

By using differential scanning calorimetry (DSC), Luxenhofer showed that the glass
transition temperature (Tg) of polypeptoids with 1 ≤ S ≤ 5 decreases with increasing
n-alkyl side chain length [109], which is likely due to the plasticization effect induced
by the flexible n-alkyl side chains [110]. The increase of n-alkyl side chain length also
leads to an increasing tendency towards crystallization. Lee et al. found that both linear
and cyclic polypeptoids bearing long linear n-alkyl side chains (4 ≤ S ≤ 14) exhibit two
phase transitions upon temperature increase (Figure 3a) [97]. These two transition tem-
peratures are strongly coupled and highly depend on the number of carbon atoms in the
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n-alkyl group. Using temperature-dependent X-ray scattering, Balsara, Zuckermann and
coworkers further evidenced the broadening of the (100) peak and the disappearance of
higher order peaks of diblock polypeptoid bearing n-decyl side chains during the lower-
temperature transition, indicating the diminished ordering for the face-to-face stacking of
the board-like polypeptoid molecules (Figure 3b) [111]. Thus, it has been suggested that
the lower-temperature transition corresponds to a crystalline phase to a “sanidic” liquid
crystalline (LC) mesophase transition, while the higher-temperature transition corresponds
to the LC mesophase to isotropic melt transition (Figure 3b) [111]. In our very recent study
on poly (N-decyl glycine) (PNDG) thin films prepared on solid substrates, we showed
that both linear and cyclic PNDG exhibit two amorphous halos when heating above the
isotropic melt transition temperature (Figure 3c) [112]. Interestingly, the d-spacings of these
two amorphous halos are in good agreement with the theoretical molecular dimension of
PNDG in an extended trans-amide backbone conformation. Therefore, it was proposed that
polypeptoid molecules undergo a cis-to-trans amide backbone conformational transition
when heating above the isotropic melting temperature, where the long n-alkyl side chains
are still nearly coplanar with the polypeptoid backbone [112].
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Figure 3. (a) DSC thermograms of linear polypeptoids bearing different n-alkyl side chains with
2 ≤ S ≤ 14 during the second heating cycle. (b) DSC and WAXS results of N-acetylated diblock
polypeptoid bearing n-decyl side chains, i.e., Ac-pNdc9-b-pNte9. Three different phases can be
identified, i.e., crystalline phase, sanidic LC mesophase and isotropic melt. (c) Two-dimensional
GIWAXD images of 48 nm thick linear PNDG (DPn = 52) thin film prepared on Si substrate measured
at T = 200 ◦C and T = 25 ◦C after cooling from 200 ◦C, respectively. The out-of-plane (qz) and
in-plane (qxy) directions are indicated by arrows. Figures reproduced from references [97,111,112]
with permission from the American Chemical Society.

Side chain engineering has long been served as an effective strategy to modulate inter
and intra-molecular interactions and packing of crystallizable polymers, thus allowing their
morphology, solubility, and functionality to be systematically tailored [113]. It has been
found that the molecular packing and crystallization behavior of polypeptoids are turned
into a different scenario when the alkyl side chains are asymmetrically branched. For exam-
ple, in the case of racemic 2-ethyl-l-hexyl side chains, it was found that relatively short poly
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(N-2-ethyl-1-hexyl glycine) (PNEHG) molecules with DPn ≤ 20 are amorphous with no
first-order transition observed by DSC [90,91]. On the other hand, longer PNEHG chains,
e.g., DPn ≥ 100, exhibit a single first-order thermal transition with a small enthalpic change,
but are still in sharp contrast with poly (N-octyl glycine) (PNOG) homopolymer which also
possesses eight carbon atoms on their side chains [84,97]. Our recent WAXD measurements
on PNOG and PNEHG homopolymers with similar DPn (DPn ≈ 100) revealed the effect of
side chain branching on the molecular geometry and supramolecular assembly [84]. As
shown in Figure 4b, PNOG103 homopolymer was found to exhibit typical reflection peaks
in the WAXD profile due to the side-by-side (along crystallographic c-axis) and face-to-face
stackings (along crystallographic a-axis) of the board-like molecules, consistent with those
observed for polypeptoids bearing linear n-alkyl side chains. By contrast, PNEHG100
exhibits a primary diffraction peak at q* = 0.50 Å−1 due to the distance (1.26 nm) between
adjacent PNEHG backbones that are separated by the interdigitated N-2-ethyl-1-hexyl
side chains, along with multiple weak higher order peaks located at

√
3q*,
√

4q*,
√

7q*,
respectively. A broad amorphous peak near q = 1.2 Å−1 is also discernible, which is likely
to arise from the interchain distance among the 2-ethyl-1-hexyl side chains. This result
indicates that the PNEHG molecules are rod-like and packed into a hexagonal mesophase
upon cooling from isotropic melt. Unlike PNOG chains that preferentially adopt a board-
like geometry with all n-octyl side chains aligned in the same plane, the greater steric
hindrance of the bulky racemic 2-ethyl-1-hexyl side chains makes it energetically unfavor-
able for the PNEHG to adopt a planar geometry. Instead, the PNEHG molecules adopt a
rod-like geometry with an extended backbone conformation, which allow the side chains
to orient outwardly along the backbone, thereby minimizing steric repulsion amongst
the bulky branched alkyl substituents. Therefore, asymmetric branching of the aliphatic
N-substituents (e.g., 2-ethyl-l-hexyl) not only suppresses the degree of crystallization, but
also changes the packing motif of polypeptoids. As we will show, such feature allows us to
modulate the solution self-assembly of amphiphilic diblock copolypeptoids by side chain
branching pattern.
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and secondary peaks associated to the Kapton windows on the sample cell are indicated by the red arrows. (c) Proposed
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with permission from the American Chemical Society.
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3. Solution Self-Assembly of Coil-Crystalline Diblock Copolypeptoids Bearing Alkyl
Side Chains
3.1. Sample Preparation and Characterization of Coil-Crystalline Diblock Copolypeptoid Solutions

For long chain macromolecules, crystallization is a kinetically controlled process,
implying that sample preparation and processing pathways have profound impacts on
the final structure and crystalline morphology. For solution self-assembly of BCPs that
comprised of a crystallizable block, size, shape and morphology of the final nanostructures
strongly rely on the self-assembly pathways, which can be affected by many prepara-
tion/processing factors, including initial polymer concentration, solvent quality, impurity
and thermal history. The interplay between aggregation and crystallization also plays a
key role in determining the final solution morphology. As crystallization is strongly tem-
perature and concentration dependent, it can be manipulated to control the self-assembly
pathway. The simplest way to trigger a CDSA process is by first dissolve the BCPs molecu-
larly in good or nonselective solvent, then changing the temperature or solvent quality to
induce crystallization.

It should be noted that the solubility of individual blocks of BCPs in a given solvent
is important when planning a CDSA experiment. For polypeptoids, the polymer–solvent
interaction may vary significantly depending on the number of carbon atoms in their
alkyl side groups (S). For example, while both PNMG (S = 1) and poly (N-ethyl glycine)
(S = 2) have good solubility in water [107], poly (N-propyl glycine) with S = 3 was found to
exhibit lower critical solution temperature (LCST) in water, which can phase separate when
heated above the cloud point temperature (i.e., 15–25 ◦C) [114]. As the S value further
increases, polypeptoid molecules become increasingly more hydrophobic and exhibited
diminished solubility in water. Similar trend of solubility versus side chain length was also
observed for polypeptoids in methanol, which showed that PNDG with S = 10 is more solvo-
phobic than PNMG at room temperature, as evidenced by liquid contact angle measure-
ments [79]. It was found that a wide range of polypeptoids bearing n-alkyl side chains with
1 ≤ S ≤ 12 can be readily solubilized in dichoromethane and chloroform [97]. Toluene
and DMF can also dissolve polypeptoids with relatively short n-alkyl side chains (e.g.,
S = 4) [59,63], whereas for crystallizable polypeptoids bearing longer n-alkyl side chains,
THF can provide good solubility at high temperatures (e.g., 50 ◦C or above) [97,112]. Note
that the polypeptoid solubility may also depends on molecular weight and preparation
history of the polymer samples [60,97,107].

Our previous studies mainly focused on the solution self-assembly of coil-crystalline
diblock copolypeptoids bearing alkyl side chains in methanol. Using scattering techniques,
we found that most coil-crystalline diblock copolypeptoids, e.g., PNMG-b-PNOG with
f PNOG ≤ 0.73 and PNMG-b-PNDG with f PNDG ≤ 0.44 (where f is the volume fraction
of the crystalline block), can be molecularly dissolved (i.e., forming unimers) at dilute
concentrations in methanol by heating at high temperatures [79,84]. Cooling the methanol
solution down to room temperature induces the recrystallization of PNOG or PNDG blocks.
Therefore, CDSA of diblock copolypeptoids can be triggered by first heating the solution
at high temperature, subsequently cooling to desired temperature and keep the solution
under isothermal condition for prolonged time. Note that multiple structural changes and
phase transitions can take place during these steps, thus, the solution samples must be
carefully characterized with good spatial and temporal resolutions.

Various in situ and ex situ techniques can be used to monitor the structural evolution of
coil-crystalline diblock copolypeptoids during the solution self-assembly, such as static light
scattering (SLS), small-/wide-angle X-ray scattering (SAXS/WAXS), small-angle neutron
scattering (SANS), (cryo-)transmission electron microscopy (TEM or cryo-TEM) and atomic
force microscopy (AFM). While TEM and AFM can “visually” characterize the polymeric
nanostructures self-assembled in real space, reciprocal scattering techniques using X-ray or
neutron sources are more powerful tools in terms of providing global averaged structural
information at length scales ranging from micrometers to angstroms [115]. In addition,
scattering techniques are generally non-destructive and can directly characterize the self-
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assembled structures in solution environments. Modern synchrotron X-ray sources with
high flux and small beam divergence, in conjunction with the use of hybrid pixel array
detectors that allow direct photon detection (e.g., PILATUS detectors by Dectris Ltd.),
also enable fast data collection (down to milliseconds per data) for dilute samples, which
makes SAXS/WAXS ideally suited for probing multiscale structural evolution of BCPs as
a function of time during solution self-assembly [116–119]. It should be mentioned that
polypeptoid self-assemblies induced by CDSA often possess multiple levels of structural
hierarchy and heterogeneity in solution (see examples below). Therefore, extreme care
should be taken when interpreting the scattering data, especially for those collected from
the small-angle regime. In this regard, SAXS and SANS are often complimentarily used in
conjunction with other microscopic techniques to provide a compelling characterization of
the solution CDSA process over a wide range of length- and time-scales.

3.2. Crystallization-Driven Self-Assembly of 1D nanofibrils

Long, wormlike 1D nanofibrils can be generated by the CDSA of coil-crystalline
diblock copolypeptoids with relatively low volume fraction of the crystalline block in
methanol. Lee et al. previously showed that PNMG112-b-PNDG16 comprised of a soluble
PNMG block and a much shorter crystallizable PNDG slowly self-assembled into long,
wormlike nanofibrils in dilute methanol with a polymer concentration of c = 1 mg/mL [60].
Cryo-TEM imaging revealed a morphological transition from spherical micelles to mi-
crometer length nanofibrils during the course of seven days after the solution was cooled
down to room temperature (Figure 5a–c). Similar self-assembly behavior was also found
for the cyclic counterpart, i.e., cyclic-PNMG105-b-PNDG10, except for its relatively slower
self-assembly kinetics. At higher concentrations (e.g., 10 wt%), these linear and cyclic
PNMG-b-PNDGs form free-standing gels after the solution was cooled, which is attributed
to the formation of gel network that comprised of entangled crystalline nanofibrils [70].

To better understand the crystalline packing of PNDG segment in the wormlike
micelles, X-ray scattering experiments of the worm-micelle solution was conducted under
unidirectional flow. Figure 5d–f shows the 2D SAXS, MAXS and WAXS data of the 5 mg/mL
methanol solution containing the PNMG105-b-PNDG20 long, wormlike 1D nanofibrils under
unidirectional flow in a capillary flow cell with a constant shear rate of ~25.6 s−1 near
the wall. Under the influence of the flow field, the wormlike micelles were preferentially
aligned parallelly with the flow direction, evidenced by the increasing anisotropy of the
2D SAXS patterns with increasing flow rate [79,120–122]. Meanwhile, M/WAXS analysis
(Figure 5g,h) has revealed a significantly more pronounced scattering peak due to the (001)
reflection in the q⊥ direction relative to that in the q// direction, indicating that the (001)
molecular packing separated by the n-decyl side chains (i.e., side-by-side stacking) with a
d-spacing of d001 = 2.4 nm was aligned in the direction perpendicular to the long axis of the
PNMG105-b-PNDG20 nanofibrils. Consistently, the scattering peaks due to (100) reflection
and the associated higher order reflections from (101) and (102) planes are more notable
along the q// direction as compared to those in the q⊥ direction. According to Figure 2, the
result indicates that the adjacent cis-amide backbones with a d-spacing of d100 = 0.46 nm
due to the face-to-face stacking was aligned in a direction parallel to the long axis of the
nanofibrils. These combined results support an anisotropic crystalline core structure for
the long, wormlike 1D nanofibrils, as depicted in the inset of Figure 5c.

Time/temperature-dependent synchrotron X-ray/neutron scattering experiments
were performed to further investigate the self-assembly pathway and formation mech-
anism of these 1D nanofibrils. High-temperature solution SAXS result shows that the
PNMG105-b-PNDG20 polymers are well-dissolved and exist as unimers in methanol at 65 ◦C
(Figure 6a,b), which gives a radius of gyration (Rg) of 2.3 nm by Guinier plot analysis. Upon
cooling the solution to room temperature, a drastic change of the scattering profile was
observed (Figure 5i). At time t = 0 min, i.e., immediately after the solution was cooled down
from 65◦C to room temperature, the SAXS profile shows a noticeable upturn at the low q
region, while the overall intensity is still relatively weak. Such intensity upturn with a q−2.5
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dependence is attributed to the formation of polymer aggregates, i.e., the “seeds”, at the
very early stage after the solution was cooled down to room temperature. With increasing
of time, (001), (100) and their higher order reflections started to appear after ~100 min
and intensify over time. Meanwhile, at the low q regime in SAXS spectra, the dependence
of intensity over q gradually changed over from I ~ q−2.5 to q−1.5, and eventually to q−1

after ~400 min, while the overall absolute SAXS intensity continue to increase until a final
state was reached. We attribute this increase in the SAXS intensity mainly due to the one-
dimensional elongation of the nanofibrils, consistent with the time-dependent cryo-TEM
results shown in Figure 5a–c. Note that the SAXS profile of the final PNMG105-b-PNDG20
nanofibrils at t = 15 days can be well-fitted by using the scattering model for core-corona
cylindrical micelles developed by Pedersen and co-workers [123,124], which gives a core
radius (Rc) of 3.3 ± 0.2 nm and a radius of gyration of the corona chains of 3.8 ± 0.2 nm.
The average diameter of the nanofibrils is then estimated to be approximately 23.4 nm, in
good agreement with the cryo-TEM result.
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Figure 5. (a–c) Representative cryo-TEM images of 1 mg/mL PNMG112-b-PNDG16 methanol solution at different waiting
time (t) after been cooled down to room temperature. The chemical structure of PNMG-b-PNDG block copolypeptoid
and the schematic illustration of molecular packings of the core-forming PNDG blocks within a nanofibril are shown
in the inset of (c), where the backbones and n-decyl side chains of PNDG are indicated in blue and red, respectively.
(d–f) Two-dimensional SAXS (d), MAXS (e) and WAXS (f) images for 5 mg/mL PNMG105-b-PNDG20 methanol solution
measured during unidirectional flow at room temperature. The directions parallel (q//) and perpendicular (q⊥) to the
flow direction are indicated by arrows. The corresponding one-dimensional profiles of the MAXS/WAXS results along
the q// and q⊥ directions are plotted in (g) and (h), respectively. (i) SAXS (top) and MAXS/WAXS (bottom) profiles of
5 mg/mL PNMG105-b-PNDG20 methanol solution measured at static state at different t. The solid line in the SAXS profile at
t = ~15 days corresponds to the best-fit to the data based on the cylindrical-shaped micelle model. (j) Schematic illustration
of the proposed self-assembly mechanisms for the 1D nanofibrils (e.g., PNMG105-b-PNDG20) via CDSA. Figures reproduced
from references [60,79] with permission from the American Chemical Society.

The above results clearly show that the elongation of PNMGm-b-PNDGn nanofibrils
with relatively low volume fraction of PNDG segments (i.e., m ≈ 100 and n ≈ 20) is
induced by the face-to-face stacking of PNDG backbones along the crystallographic a-axis
(i.e., the (100) packing), while the cross-sectional dimension (or lateral diameter) of the
nanofibrils is determined by the backbone length of PNDG and the (001) packing along
the crystallographic c-axis. Based on the time-dependent SAXS/WAXS and cryo-TEM
results, it is reasonable to conclude that the 1D nanofibrils formation is mainly governed
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by the so-called “self-seeding growth” mechanism [6,9,13,19,28,125,126], which involves
the initial formation of a few small “seed” crystals followed by the preferential addition of
the unimers to the crystalline front (Figure 5j). Apparently, for board-like PNDG molecules,
the creation of anisotropic crystalline core requires preferential addition of the unimers to a
certain crystallographic facet, instead of adding unimers equally in all directions. As we
found, the face-to-face stacking of the PNDG segment is more favored over the side-by-side
packing during the seeded growth process, resulting in the unidirectional elongation of
long wormlike micelles.

3.3. Effect of Block Composition on the Solution Self-Assemblies

For amphiphilic coil-crystalline BCPs, increasing the volume fraction or DPn of the
solvophobic crystalline block often leads to drastic changes in the self-assembly path-
way and final aggregate morphology in solution (Figure 6d,e) show the cryo-TEM im-
ages for the self-assembled PNMG121-b-PNDG46 (f PNDG = 0.61) and PNMG124-b-PNDG63
(f PNDG = 0.68) nanostructures in 5 mg/mL methanol solution. Unlike the long, worm-
like nanofibrils formed by CDSA of PNMG-b-PNDGs with relatively low PNDG volume
fractions (i.e., f PNDG = 0.44), the PNMG121-b-PNDG46 having an intermediate PNDG
volume fraction self-assembled into rigid rod-like structures with much shorter length
(~100–400 nm) under identical sample preparation condition. The best-fit to the SANS data
of PNMG121-b-PNDG46 nanorods (Figure 6f) using cylindrical-shaped polymer micelle
model gives a PNDG core radius of Rc = 6.8 ± 0.2 nm, which is two times larger than that
for PNMG105-b-PNDG20 nanofibrils. The discrete reflection peaks due to the face-to-face
and side-by-side packing of PNDG were also observed by WAXS, suggesting the occur-
rence of highly ordered crystalline structure of core-forming PNDG blocks. Assuming the
crystalline packing of the PNDG segments in the 1D nanorods are identical to that in the
1D nanofibrils, the cross section of the former core would have at least 4 PNDG molecules
stacked side-by-side in a fully extended cis-amide backbone conformation.

As the volume fraction of PNDG segments is further increased, cryo-TEM revealed
the predominant presence of 2D nanosheets in addition to some short nanorods for the
PNMG124-b-PNDG63 methanol solution. The majority of the nanosheets exhibit a rectan-
gular shape that is ~100 nm in width and several hundreds of nm in length. The average
thickness of the PNMG124-b-PNDG63 nanosheets was estimated to be ~14 nm based on
AFM analysis. WAXS analysis of the PNMG124-b-PNDG63 solution (Figure 6g) revealed
notable diffraction peaks due to side-by-side packing of PNDG. However, the (100) reflec-
tion and the associated higher order (101) and (102) reflections are barely discernible in
the WAXS region, indicating the relatively poor molecular ordering of adjacent PNDG
backbones along the crystallographic a-axis. This result suggests that the formation of
PNMG124-b-PNDG63 nanosheets is mainly driven by the side-by-side molecular packing
along the crystallographic c-axis, while the face-to-face molecular packing along the a-axis
is significantly diminished. We postulate that the length of the nanosheets is determined
the side-by-side packing of PNDG segments along the crystallographic c-axis, whereas the
width of the nanosheets is resulted from the face-to-face stacking of the PNDG segments.
This picture is consistent with recent cryo-electron microscopy and molecular dynamic
simulation studies on crystallizable diblock copolypeptoid nanosheets [127]. From WAXS
analysis, the distance of adjacent PNDG backbones separated by the long n-decyl side
chains was found to be slightly increased to 2.5 nm for the PNMG124-b-PNDG63 nanosheets
as compared to that of the PNMG-b-PNDG nanofibrils and nanorods. Meanwhile, the
(001) peak is slightly broader than those observed from PNMG105-b-PNDG20 nanofibrils
and PNMG121-b-PNDG46 nanorods (2.4 nm), implying the more disordered molecular
packing of PNDG backbones along the crystallographic c-axis in the PNMG124-b-PNDG63
nanosheets presumably due to the backbone folding.
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Figure 6. (a) SAXS profiles of the 5 mg/mL PNMG105-b-PNDG20 and PNMG121-b-PNDG46 methanol
solutions measured at 65 ◦C. The corresponding Guinier plot analysis of PNMG105-b-PNDG20

(Rg = 2.3 nm) and PNMG121-b-PNDG46 (Rg = 14.9 nm) based on the criteria of qRg < 1.3 were shown
in (b) and (c), respectively. Representative cryo-TEM images for the self-assembled (d) PNMG121-
b-PNDG46 and (e) PNMG124-b-PNDG63 nanostructures in methanol. (f) SANS intensity profile
(open circles) for the self-assembled PNMG121-b-PNDG46 and PNMG124-b-PNDG63 nanostructures
in deuterated methanol. The solid line in (f) corresponds to the best-fit to the data based on the
cylindrical-shaped micelle model. (g) WAXS intensity profiles for the 5 mg/mL PNMG121-b-PNDG46

and PNMG124-b-PNDG63 in methanol. (h) Schematic illustration of the proposed self-assembly
mechanisms for the 1D nanorods (e.g., PNMG121-b-PNDG46) via CDSA. Figure reproduced from
reference [79] with permission from the American Chemical Society.

The above results show that the solution self-assembly of coil-crystalline diblock
copolypeptoids highly relies on the volume fraction of the crystallizable PNDG segment
relative to that of the solvophilic PNMG segment. With increasing volume fraction of
the PNDG block, the final aggregate morphology gradually transits from long wormlike
nanofibrils, to short rigid nanorods and then to 2D nanosheets. Here, the self-assembly
pathway of PNMG-b-PNDG plays a key role in determining the final aggregate morphology.
SAXS (Figure 6a–c) and cryo-TEM analysis [79] revealed the formation of spherical micelles
of PNMG121-b-PNDG46 in methanol at 65 ◦C with a Rg of 14.9 nm and an aggregation
number of ~175. This is in sharp contrast to the PNMG105-b-PNDG20 methanol solution in
which all polymers exist as unimers (Rg = 2.3 nm) at 65 ◦C. Note that no crystallization of
PNDG block was observed at this temperature. We attributed the large difference in the
initial association state to the solubility difference of these polymers in methanol: With
longer PNDG segments, the stronger solvophobic interaction drives the micellation of
diblock copolypeptoids at high temperature (i.e., T > Tm), forming amorphous spherical
micelles. Using SAXS/WAXS, we also found that subsequent cooling the solution to
room temperature immediately induces the crystallization of PNDG segments within the
micellar core. As dissociation of micelles upon cooling to room temperature is highly
unlikely, the pre-formed spherical micelles of PNMG121-b-PNDG46 must undergo confined
crystallization of PNDG within the micellar core upon cooling [15,16]. If we consider the
length of the PNMG121-b-PNDG46 nanorods to be ~200 nm in average at the final state, as
evidenced by cryo-TEM (Figure 6d), the aggregation number of the PNMG121-b-PNDG46
nanorods is then estimated to be ~1834. This number is about 10 times larger than that of the
amorphous spherical micelle precursor (~175) at 65 ◦C prior to the onset of crystallization,
which clearly indicates that the crystallization-induced fusion and structural rearrangement
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of preformed spherical micelles must have occurred to yield the final nanorods. Therefore,
the self-assembly pathway for the PNMG121-b-PNDG46 nanorods, as depicted in Figure 6h,
is distinctly different from the aforementioned self-seeding growth of PNMG105-b-PNDG20
nanofibrils (Figure 5j).

We shall also mention that the scenario becomes more complicated for the PNMG124-
b-PNDG63 nanosheets and the detail formation mechanism of these nanosheets remains
somewhat ambiguous. Based on SAXS/WAXS and cryo-TEM results, PNMG124-b-PNDG63
molecules aggregate into large non-spherical, amorphous clusters even at high temperature
presumably due to the strong solvophobic effect. Upon cooling, PNDG segments are
recrystallized within these large aggregates, which introduces an additional crystallization
driving force for subsequent fusion/reorganization of preexisting aggregates. However,
fusion/reorganization can be a rare event if the number of preexisting micelles per unit
volume is too low. The existence of large aggregates due to strong solvophobic effect may
thus poses an obstacle to the formation of well-defined polypeptoid nanostructures via
CDSA. As will be described in the following section, the self-assembly pathway and final
aggregate morphology of diblock copolypeptoids become more defined when the PNDG is
replaced by PNOG, i.e., a crystallizable but less solvophobic block.

3.4. Effect of Side Chain Branching on the Solution Self-Assemblies

As we mentioned in Section 2.2, asymmetric branching of the aliphatic N-substituents
has profound impact on the molecular packing and phase behavior of polypeptoid ho-
mopolymers. To understand how side chain branching further influences the solution
self-assembly of amphiphilic diblock copolypeptoids, two types of diblock copolypep-
toids, i.e., PNMG116-b-PNOG94 and PNMG121-b-PNEHG101 (Figure 7a), with nearly iden-
tical molecular weight (i.e., Mn ≈ 25 kDa) and volume fraction of solvophobic block
(fPNOG = 0.73, fPNEHG = 0.74) were recently investigated for their solution self-assembly
behavior in methanol. Both samples were first heated at high temperatures, allowing poly-
mers to be fully dissolved and existed as unimers in methanol. The solution self-assembly
were then triggered by cooling of the respective methanol solution from high temperature
to room temperature.

As seen in Figure 7b,c, PNMG116-b-PNOG94 molecules bearing linear n-octyl side
chains self-assembled into large hierarchical microflowers that comprised of radially ar-
ranged nanoribbon subunits (i.e., flower petals) after ~24 h of assembly time. Such morpho-
logical feature at the final stage of self-assembly has also been captured by solution SAXS,
which gives I(q) ~ q−2 power law behavior at the intermediate q range and followed by an
intensity minimum at q ~ 0.045 Å−1 (Figure 7d). The highly ordered crystalline structure of
PNOG blocks with a typical board-like molecular geometry was also revealed by WAXS,
where the molecules are fully extended in an all cis-amide conformation and are stacked
side by side and face to face simultaneously. Time-dependent SAXS/WAXS (Figure 7d–g)
and AFM results [84] show that the overall self-assembly process is relatively sluggish and
involves the assembly of multilevel building blocks in a stepwise fashion: Upon cooling,
the PNMG116-b-PNOG94 unimers first associate to form amorphous spherical micelles
owing to the high solvophobic content; These amorphous micelles are further aggregated
via a nucleation-and-growth mechanism, resulting in the formation of flower petal junction;
Finally, the growth of the flower petals (i.e., nanoribbon sub-units) occurs by the continu-
ous addition of the amorphous PNMG116-b-PNOG94 materials to the crystallization front
following a 2D crystallization kinetic, evidenced by the Avrami analysis (Figure 7g). For
a 5 mg/mL solution, the entire self-assembly process takes few hundreds of minutes to
complete. The relative sluggish self-assembly process (compared to PNMG121-b-PNEHG101
counterpart) is mainly attributed to the slow epitaxial 2D crystalline growth of board-like
PNOG segments during micellar fusion/reorganization process, resulting in the formation
of long-range ordered crystal lattice at molecular level.
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Figure 7. (a) The chemical structures of PNMG-b-PNOG and PNMG-b-PNEHG used for comparison
purpose. (b) Cryo-TEM and (c) AFM images for PNMG116-b-PNOG94 in a diluted methanol solution.
(d) Representative SAXS profiles of the 5 mg/mL PNMG116-b-PNOG94 methanol solution at different
waiting times (t) after being cooled down to room temperature. (e) Plot of the exponent (a) values
of I(q) ~ q−a near q = 0.006 Å−1 as a function of t. (f) The corresponding WAXS profiles at different
t, where the data have been shifted vertically for clarity. (g) The ζ(t) values (black circles) obtained
from the normalized integrated intensity of the (001) peak at different t. Inset of (g) shows the
corresponding Sharp–Hancock plot. The red solid lines in (g) correspond to the best-fits to the
data using the Avrami–Erofeev expression, ζ(t) = 1–exp[–(kt)n], with n = 2. Figure reproduced from
reference [84] with permission from the American Chemical Society.

By contrast, the PNMG121-b-PNEHG101 molecules bearing bulky branched racemic
2-ethyl-1-hexyl side chains were found to self-assemble into symmetric 2D hexagonal
nanosheets (Figure 8a,b). The best-fit to the SAXS profile of the final PNMG121-b-PNEHG101
nanosheets using the scattering form factor for disk-shaped polymer micelles [123,124]
gives a core thickness of 11.3 ± 0.2 nm and a radius of gyration of the corona chains
of 2.7 ± 0.2 nm. The total thickness of the hexagonal nanosheets is then estimated
to be 23.1 ± 1.0 nm, which is larger than that (16 ± 1 nm) estimated at the dry state
by AFM analysis. Meanwhile, the WAXS profile of PNMG121-b-PNEHG101 nanosheets
(Figure 8d) shows a single diffraction peak at q* = 0.50 Å−1, corresponding to the distance
(1.26 nm) between adjacent PNEHG segments that are separated by the bulky branched
N-2-ethyl-1-hexyl side chains [97]. Grazing-incidence wide-angle X-ray diffraction (GI-
WAXD) measurements were performed to unveil the molecular packing and orientation
inside of the PNMG121-b-PNEHG101 nanosheets. Due to geometric confinement, the large
2D hexagonal nanosheets were laid flat on the Si substrate (inset of Figure 8f), allowing
the molecular orientation within the dried hexagonal nanosheets to be resolved. Aside
from the primary diffraction peak at q* = 0.50 Å−1, multiple higher order peaks located
at
√

3q*,
√

4q*,
√

7q* along the in-plane (qxy) direction were also observed by GIWAXD
(Figure 8e–f), indicating the rod-like PNEHG molecules are packed into a hexagonal lattice
with the long axis of the rods aligned normal to the substrate (and the surface of hexagonal
nanosheets). We speculate that the absence of these higher order peaks in Figure 8d is due
to the relatively strong incoherent scattering from solution WAXS measurements using a
capillary cell. There are also two discrete off-axis streaks with low intensity that are aligned
parallel to qxy, as indicated by the red arrows in the GIWAXD (Figure 8e), possibly due
to the presence of short and non-continuous helix-like segments along the backbone in
low abundance.
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Figure 8. (a) Cryo-TEM and (b) AFM images for PNMG121-b-PNEHG101 in diluted methanol solution.
(c) SAXS and (d) WAXS intensity profiles for the 5 mg/mL PNMG121-b-PNEHG101 in methanol.
The solid line in (c) corresponds to the best-fit to the data based on the scattering form factor for
disk-shaped polymer micelles. (e) Two-dimensional GIWAXD image for the PNMG121-b-PNEHG101

hexagonal nanosheets deposited onto a Si substrate. The two off-axis streaks are indicated by
red arrows in (e). (f) One-dimensional GIWAXD profile along the qxy (in-plane) direction. The
corresponding AFM image for the GIWAXD sample is shown in the inset of (f). Figure reproduced
from reference [84] with permission from the American Chemical Society.

Hence, it is evident that the lateral dimension of the PNMG121-b-PNEHG101 nanosheet
is governed by the preferential packing of rod-like PNEHG molecules in a columnar hexag-
onal lattice in 2D, whereas the thickness of the nanosheet core is determined by the height
of hexagonal columns (Figure 9a). Within the columnar hexagonal mesophase, PNEHG
blocks adopt a rod-like molecular geometry with an extended backbone conformation
with the bulky racemic N-2-ethyl-1-hexyl side chains radially and outwardly displayed
along the backbone. Interestingly, it was also found that the final PNMG121-b-PNEHG101
nanosheets were formed immediately (i.e., within seconds) after the solution was cooled
below the clearing temperature, as evidenced by the little change of scattering profiles with
time. Differs from the long-range ordered PNOG crystals, the intermolecular packing of
the rod-like PNEHG blocks favors the formation of a columnar hexagonal LC mesophase
which may not be very long ranged, evidenced by the weak higher order diffraction peaks
even at the dried state (Figure 8f). This is consistent with DSC and WAXD results for the
bulk PNEHG homopolymer with similar DPn (Figure 4a,b). Thus, the formation of the
mesophase within the PNEHG micellar core occurs much more rapidly relative to that of
the crystalline PNOG micellar core presumably due to the less defined molecular packing
structure in the former relative to the latter [37,128].

The correlations among aggregate morphology, molecular packing and N-substituent
architecture (i.e., linear versus branched) of diblock copolypeptoid can be now rationalized.
According to the general packing motif, a single PNOG board-like molecule in the crys-
talline lattice contains three different facets: The main face of PNOG that comprised of both
backbone and N-aliphatic side chain, the surface comprised of PNOG backbone chain ends
and the surface comprised of only N-aliphatic side chain ends, which are perpendicular to
the crystallographic a-, b- and c-axes of the PNOG molecule, respectively (Figure 4c). Since
PNOG blocks are covalently linked with the corona-forming PNMG blocks in the diblock
copolypeptoids, it is reasonable that the PNOG crystals cannot grow along crystallographic
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b-axis. The Avrami analysis on the time-dependent WAXS results also showed that the
crystalline growth of the core-forming PNOGs is two-dimensional (Figure 7g). We there-
fore postulate that the core thickness of the PNMG-b-PNOG nanoribbons is determined
by the crystalline dimension along b-axis, while the other two axes determine the lateral
dimension of the nanoribbon core (Figure 9b). Based on AFM analysis, the average length
of the nanoribbons is approximately 4–5 times larger than their width, which suggests that
the tendency for the core-forming PNOG block to grow along one axis is 4–5 times higher
than the other axis. This is consistent with other previous studies [77–79,127] which show
that the 2D nanosheets assembled from the diblock copolypeptoids bearing board-like
crystallizable blocks from solution usually appears non-symmetrical, such as ribbon-like
or rectangular shapes, rather than forming symmetrical 2D geometry. Yet, how these
elongated 2D nanoribbons are stacked radially along flower petal junction and the detailed
hierarchical self-assembly mechanism of the microflowers remain somewhat ambiguous.
However, it is clear that the nanoribbon formation is due to the favorable molecular packing
along one of the crystallographic axes during the 2D crystalline growth, which is dictated
by the disparate inter- or intramolecular interactions and polymer–solvent interactions
along different crystallographic axes.
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Figure 9. Schematic illustration of the molecular arrangement inside the (a) PNMG121-b-PNEHG101

hexagonal nanosheet and (b) PNMG116-b-PNOG94 microflower. The corona-forming PNMG blocks
and possible chain folding of PNOG were omitted for clarity. Figure reproduced from reference [84]
with permission from the American Chemical Society.

By contrast, as the bulky racemic 2-ethyl-1-hexyl side chains are randomly distributed
around the PNEHG backbone (Figure 4c), the rod-like PNEHG blocks would afford
isotropic inter- or intramolecular interactions and polymer–solvent interfacial interaction
in the radial direction of the rods. As the solvophilic PNMG block is chemically linked with
PNEHG block, columnar hexagonal packing of PNEHG becomes energetically favored,
resulting in the formation of large hexagonal nanosheets that possess a symmetrical 2D
geometry (Figure 9a). We also found that the lateral dimension of PNMG121-b-PNEHG101
hexagonal nanosheets can be manipulated from nano-size (e.g., ~200 nm) to micro-size
(e.g., ~2 µm) by tuning the initial polymer concentration within the dilute regime, while the
thickness of hexagonal nanosheets remains unaffected by the concentration [84]. It should
be noted that the symmetrical hexagonal nanosheets formed by PNMG121-b-PNEHG101
mesogens are highly unusual and rarely observed by crystallization or CDSA of typical
crystalline polymers (e.g., polyethylene and polycaprolactone) [129–131]. This finding,
which uses rod-like mesogens as the primary building block to induce the formation of 2D
hexagonal nanosheets via solution self-assembly, sheds new light on the creation of highly
symmetric 2D nano-/micro-scale materials for a wide range of applications.
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4. Conclusions and Outlook

In this article, we review our recent experimental studies on the crystallization-driven
solution self-assembly of amphiphilic diblock copolypeptoids bearing alkyl side chains. It
has been found that supramolecular self-assembly and aggregate morphology of diblock
copolypeptoids in solution are extremely sensitive to their molecular characteristics, such
as block composition, molecular weight and N-substituent architecture. This is because
micellation (solvophilic/solvophobic interaction), crystallization and the interplay between
these two driving forces are directly linked to the detailed molecular characteristics of
the diblock copolypeptoids. Because crystallization is more of a kinetically controlled
process that can lead to non-equilibrium assembly, the spatiotemporal evolution of crys-
tallizable BCPs during solution self-assembly must be carefully characterized in situ in
order to gain a comprehensive understanding on the assembly pathway. Here, we high-
light the use of in situ small-/wide-angle X-ray/neutron scattering in conjunction with
other microscopic techniques in probing the molecular packing, hierarchical structure,
and self-assembly pathways of crystallizable diblock copolypeptoids in solution, which
allow us to better understand their multiscale structural evolution and self-assembly path-
ways. However, in priori design of solution self-assembly process to arrive at a targeted
nanostructure/morphology still remain challenging.

Here, we listed several fundamental questions regarding diblock copolypeptoids
bearing alkyl side chains that remain unsolved: (i) How do the interplay among inter-
/intra-molecular interactions of board-like polypeptoids along different crystallographic
axes dictate the anisotropic growth or the aspect ratio of 1D or 2D nanostructures. Can
these interactions be mediated through chemical design or sample preparation protocols
to achieve a tunable morphology? (ii) If chain folding is inevitable upon crystallization,
in what direction (a or c-axis) do long polypeptoid segments prefer to fold inter-/intra-
molecularly within the nanostructures? How this affects the chain conformation (or packing
density) of solvophilic block, micellar fusion/reorganization, dispersibility and final ag-
gregate morphology in solution? (iii) What lead to the radial stacking of nanoribbons
to form hierarchical microflowers? How can we tune the structure and level of hier-
archy based on the kinetic and thermodynamic behaviors of primary building blocks?
How can we control each growth step that constitute the hierarchical assembly process?
(iv) What is the self-assembly pathway and formation mechanism of hexagonal nanosheets
composed of diblock copolypeptoids bearing asymmetrically branched alkyl side chains,
e.g., PNMG-b-PNEHG? Can the use of mesogenic building blocks with less ordered LC-like
packing serve as a new paradigm for the design of solution self-assemblies with unique
structures and properties? Future efforts that incorporate predictive theoretical tools and
advanced structural characterization methods would be helpful to address these issues.

Nevertheless, it is exciting to see that even for the simplest AB-type diblock copolypep-
toids with alkyl side chains, a variety of well-defined non-spherical nanostructures with
diverse morphology and hierarchy can be readily fabricated by CDSA, ranging from 1D
nanofibrils, to nanorods, to 2D nanosheets and to hierarchical nanostructures. Owing to
the recent advances in controlled synthetic methods, such as the submonomer solid-phase
synthesis and sequential ROP of R-NCAs or R-NTAs, well-defined crystallizable block
copolypeptoids with diverse N-substituent structure and tunable molecular sequences can
now be produced with high efficiency, providing seemingly unlimited choices of polypep-
toid building blocks for solution self-assembly. Besides, by thinking solution CDSA as a
reaction process, recent findings on the living CDSA of several other BCPs (in particular
polyferrocenylsilane-based polymers) that utilizes the “seeded-growth” protocol have
envisioned a more precise control of size dispersity, complexity and hierarchy of polymeric
self-assemblies [5,10,19,22–29]. Considering the unique biological properties of polypep-
toid, these advancements would open new opportunities for the future design of novel
polypeptoid nanomaterials with tailorable structure, property and functionality, which are
potentially useful in molecular biomimicry and biomedical/biotechnological applications.
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Abstract: We examined the formation of self-seeded platelet-like crystals from polystyrene-block-
polyethylene oxide (PS-b-PEO) diblock copolymers in toluene as a function of polymer concentration
(c), crystallization temperature (TC), and self-seeding temperature (TSS). We showed that the number
(N) of platelet-like crystals and their mean lateral size (L) can be controlled through a self-seeding
procedure. As (homogeneous) nucleation was circumvented by the self-seeding procedure, N did not
depend on TC. N increased linearly with c and decayed exponentially with TSS but was not affected
significantly by the time the sample was kept at TSS. The solubility limit of PS-b-PEO in toluene (c*),
which was derived from the linear extrapolation of N(c) → 0 and from the total deposited mass
of the platelets per area (MC(c)→ 0 ), depended on TC. We have also demonstrated that at low N,
stacks consisting of a (large) number (η) of uniquely oriented lamellae can be achieved. At a given
TC, L was controlled by N and η as well as by ∆c = c− c∗. Thus, besides being able to predict size
and number of platelet-like crystals, the self-seeding procedure also allowed control of the number of
stacked lamellae in these crystals.

Keywords: crystal morphologies; polymer crystallization; nucleation mechanism; scaling relations

1. Introduction

Polymer crystallization can be initiated by homogenous nucleation. However, at tem-
peratures close to the melting point this process is extremely slow and is often competing
with heterogonous nucleation through foreign substances (nucleating agents, surfaces, or
“dirt”) [1,2]. Furthermore, homogeneous nucleation is a statistical process, which continu-
ously initiates (with a decreasing probability in time) the growth of additional crystals [3].
Correspondingly, after a given crystallization time, the resulting crystals will have a dis-
tribution in size. The control of the starting time of nucleation and the number density of
nuclei allows the tuning of crystalline structures of organic and inorganic materials [1,4–6].
Without such control, crystalline structures are often the result of multiple steps of nucle-
ation, yielding complex morphologies such as spherulites with no direct relation to the
symmetry of the crystal unit cell. By contrast, if many crystals were nucleated simultane-
ously, each from a single nucleus, and if they do not contain grain boundaries or major
defects, we can deduce parameters of the crystal unit cell and its symmetry directly from
the well-ordered and often simple crystalline morphology [7–9].

The kinetics of the growth of single crystals was explored in-situ in thin polymer
films through various microscopy techniques [5,10]. The observed morphologies and
the size of these crystalline structures depended on thermal conditions, film thickness,
molecular weight and volume fraction of the crystallizable polymer [5,7,9–12]. Furthermore,
similar single crystal structures were formed in polymer solutions, where solvent-polymer
interactions and the solubility limit represent additional key parameters [8,11,13,14]. At
concentrations below the solubility limit, the polymer solution is homogenous and no
crystalline structures form [15]. Above the solubility limit, polymer–polymer interactions
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become more frequent allowing the formation of ordered structures, which, however,
typically is accompanied by a nucleation barrier [3]. Crystals only form when this energy
barrier for nucleation is overcome. Nucleating agents, surfaces or “dirt” may help to lower
this barrier [8,13,16].

Self-seeding approaches represent a way to circumvent nucleation. Such approaches
have been widely investigated in thin polymer films and polymer solutions. Self-seeding
allows growing large and almost defect-free polymer single crystals at low super-cooling
or low super-saturation. Such would not be possible if one must rely on homogeneous
nucleation as under such conditions, nucleation events would not occur within acceptable
time intervals. As shown by Blundell, Keller, and Kovacs [17,18], crystalline structures,
in particular their shape and morphology, obtained via a self-seeding procedure allowed
to infer parameters of the crystal unit cell. In one of their experiments, crystallization of
poly-ethylene (PE) in dilute xylene solutions was studied [17]. First, thermal history of
the PE sample was removed by completely dissolving the polymer above the clearing
temperature of PE in the xylene solution (this temperature was in the range of TD = 97 ◦C
to 110 ◦C). Subsequently, the sample was quenched to a low crystallization temperature
(TC = 80 ◦C) where the polymer rapidly crystallized, resulting in a large number of rather
small PE crystals of various degrees of order [17]. In the next step, these crystals were
heated to the self-seeding temperature TSS. For dilute solutions, besides varying TC and
the time spent at TSS of different values, the influence of polymer concentration (c) on the
number (N) of resulting crystals was examined [17].

Similar studies of self-seeding approaches were also performed in thin polymer
films [19,20]. Kovacs and Gonthier investigated the decoration of crystals via self-seeding
in thin (ca. 1 µm) films of polyethylene oxide (PEO) [21]. There, the polymer film was
first completely melted at 80 ◦C, i.e., well above the equilibrium melting temperature
(TM ≈ 70 ◦C) and then quenched to a low crystallization temperature to ensure fast
growth and a high nucleation density [21,22]. These crystalline PEO films were heated to
TSS, slightly lower than TM, yielding a controlled number of remaining crystalline seeds.
Furthermore, using a sequential crystallization procedure, these crystals were decorated
with many smaller ones [21]. Interestingly, the properties of the initial crystals from
which the seeds originated allowed controlling characteristic features of the resulting
seeded crystals such as their orientation [19]. In a set of self-seeding experiments, Xu et al.
employed a specific thermal protocol combined with a systematic variation of TSS [19]. They
demonstrated that seeds, and the subsequently formed crystals, preserved the orientation
of the initial single crystal from which they were originated [19,23].

As summarized by Sekerka [24], three main factors control the morphological evolu-
tion of crystals. Crystal growth is controlled by (i) the transport of molecules (diffusion of
chains to the front of the growing crystal), (ii) the probability of attachment and detachment
(interfacial kinetics) and (iii) the minimization of interfacial energy (capillarity) [12,24–27].
Growth of polymer crystals is controlled by the same processes, even if due to chain folding,
they mainly grow in two-dimensions only, i.e., form lamellar crystals. The probably most
widely studied polymer single crystals are based on PE and are often diamond-shaped, as
independently shown by Till, Keller, and Fischer already in 1957 [14,28–30]. Based on such
studies, Keller introduced the concept of a lamellar crystal consisting of folded polymer
chains [13,29–31]. To reduce the degree of chain folding, i.e., to increase the lamellar thick-
ness, to improve crystallinity and thermal stability of the polymer crystals [31–34], crystals
had to be grown slowly at high TC [5,12].

In solutions of block copolymers (PS-b-PEO) consisting of polystyrene (PS) and
polyethylene oxide (PEO), Lotz and Kovacs observed similar crystalline lamellae in the
early 1960s [35]. They found that the resultant crystalline structures had features of PEO
single crystals [36]. The morphology of these PS-b-PEO crystals was that of square-shaped
platelets, where a crystalline PEO lamella was sandwiched between two glassy PS lay-
ers [35]. Changes in the ratio of the molecular weight of PS and PEO led to changes in
morphology and thickness of the platelets [37,38]. PS-b-PEO block copolymers have been
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employed in various applications, ranging from semiconductors and in microelectronics,
micro purification, surface treatments to medical systems [7,39,40].

To allow for the observation of individual lamellar crystals and to avoid aggregation
of crystalline structures, a rather low nucleation density is required. Thus, in the present
work, we used self-seeding to control the number of crystal nuclei of PS-b-PEO in a toluene
solution. Furthermore, as all seeds (nuclei) were already present before lowering the
temperature to TC, all resulting crystalline PS-b-PEO platelets started to grow at the same
time and thus always had the same size [17]. Here, we present basic studies of self-seeding
in solution [41], focusing on the influence of parameters such as self-seeding temperature,
crystallization temperature, and polymer concentration. Besides the formation of mono-
lamellar platelets, we also demonstrate that under certain conditions stacks of uniquely
oriented PS-b-PEO lamellae can form.

2. Materials and Methods

In our experiments, we have used a symmetric diblock copolymer of poly(styrene)-
block-poly(ethylene oxide), purchased from the Advanced Polymer Materials Inc., Montreal,
Canada. The copolymers consist of a polystyrene block (with a number-average molecular
weight Mn = 60 kg/mol) and a PEO block (Mn = 61 kg/mol) with a dispersity Ð = 1.10.

We have prepared solutions of PS-b-PEO in toluene at various concentrations ranging
from 5 to 40 mg/mL. A Lauda thermostat (water tank) with a temperature precision of
±0.5 ◦C was used to control the desired temperatures, i.e., TSS for self-seeding and TC
for crystallization from solution. First, the polymer powder was dispersed in toluene
at TDp = 24 ◦C for 30 min using a rotating vortex mixer with 2500 rpm. The obtained
polymer solution was transparent without any observable aggregates, indicating that most
of PS-b-PEO was dissolved. However, some (small) aggregates must have existed in this
supersaturated polymer solution, which was aged (stabilized) by keeping the toluene
dispersion at room temperature (TN = RT = 22 ◦C) for at least 24 h. After this protocol, the
resulting polymer solution was slightly turbid, indicating the presence of suspended ag-
gregates and possibly crystalline structures. To generate PS-b-PEO lamellar crystals under
controlled conditions, the dispersion was subsequently heated to a seeding temperature
(TSS was varied from 35 ◦C to 60 ◦C) and then quenched to the crystallization temperature
(TC was varied from 10 ◦C to 22 ◦C). We kept the solution at TC for 24 h to reach equilibrium,
i.e., all polymers above the solubility limit were included in crystalline structures [16,42].
The thermal protocol shown in Figure 1 was employed for the crystallization of PS-b-PEO
in solution.

Figure 1. Thermal protocol used for crystallization of polymers in solution: Temperature defined the
various stages of the polymer dispersion: partial dissolution (at TDp ), high nucleation probability and
rapid growth (at TN), self-seeding (at TSS) and slow growth of uniform PS-b-PEO platelets (at TC).
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To visualize the crystalline structures, 0.1 mL of the polymer solution containing
suspended crystals was spin-casted at 2000 rpm onto UV-ozone treated silicon substrates
(1.5 cm × 1.5 cm). Besides crystalline structures, also dissolved (non-crystallized) polymer
chains were deposited. During the fast evaporation of toluene, these polymers could
crystallize (rapidly). Thus, the resulting films contained large platelet-like polymer crys-
tals surrounded by rapidly crystallized or amorphous polymers. We removed the latter
by washing the samples, i.e., by putting the film for 5 to 30 s in a bath of toluene at
room temperature.

The randomly distributed and washed crystals deposited on a silicon substrate were
analyzed at ambient temperature using optical microscopy (OM, Olympus, Hamburg,
Germany) and atomic force microscopy (AFM, JPK, Berlin, Germany) in the tapping
mode [43]. Through optical microscopy, we analyzed the size and the density of these
crystalline square-shaped and platelet-like crystals on multiple, randomly selected areas of
the sample (ranging from 143 µm × 106 µm up to 10-times larger areas). AFM was used to
examine smaller crystals on smaller areas.

On highly reflecting Si-substrates, white light from the optical microscope is reflected
from both interfaces of thin polymer films, leading to interference colors. These colors
represent the thickness of the polymer film and the embedded structures [44]. After
washing the films, we could observe only platelet-like objects in various colors on a
white background.

For samples with a high nucleation density and thus small platelet-like crystals, the
lateral resolution of the optical microscope was not sufficient. Therefore, we used AFM to
determine the size distribution and the nucleation density of small platelets. For higher
polymer concentrations and higher number density of seeds, crystals might overlap during
deposition. In such cases, before the deposition, we diluted the crystallized solution. The
observed number of crystals was then multiplied by the dilution factor.

3. Results and Discussion

To allow for the growth of large platelet-like crystals, we aimed to keep the nucleation
density at a low level. To this end, we employed different seeding temperatures (TSS)
and crystallization temperatures (TC) for crystallization of PS-b-PEO in toluene solutions
of various polymer concentrations (c). In an additional series of experiments, we varied
c systematically for given values of TSS = 40◦ (where the sample was kept for 5 min)
and TC = 20 ◦C (there, the sample was kept for 24 h). We present typically observed
crystal morphologies obtained in PS-b-PEO solutions with c being 5, 10, and 20 mg/mL,
respectively (Figure 2). Increasing c led to an increase of the number density (N) of square-
shaped crystalline platelets, which all had approximately the same lateral size (L).

Figure 2. Optical micrographs demonstrating the influence of the concentration (c) of PS-b-PEO in toluene on the number
(N) of resulting platelet-like crystals on silicon wafers. c varied from (a) 5 mg/mL, (b) 10 mg/mL, and (c) 20 mg/mL. The
polymer was crystallized at TC = 20 ◦C for 24 h after seeding at TSS = 40 ◦C for 30 min. The scale bar represents 15 µm.
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The square shape of the platelets reflects the symmetry of the crystal unit cell of PEO
and was observed previously for single crystals of PEO and PS-b-PEO [14,17,18,21,36,45].
From the optical micrographs, we deduced N, the number of the platelet-like crystals per
unit area, and assumed that each crystal resulted from a single nucleation site provided
by a seed surviving at TSS. Thus, we interpret N also as the number density reflecting the
density of seeds.

From the optical micrographs represented in Figure 2, one can notice differences in the
colors of the crystals, which originated from the interference of the white light (Figure S1).
The colors indicate the thickness of the obtained crystalline objects. Interestingly, besides N
also the number (per area) of crystals exhibiting a blue color increased with c. As indicated
by the change of the interference color from light brown to light blue, we can conclude that
the thickness of the platelets increased from ca. 20 nm to ca. 100 nm.

We quantified the changes of the thickness (h), as well as L and N of the PS-b-PEO
crystals shown in the optical micrographs of Figure 2, which were formed during 24 h at
TC = 20 ◦C after being self-seeded at TSS = 40 ◦C for 30 min. The results are shown in
Figure 3. We found that N increased approximately linearly with c while L basically did
not change with c. Furthermore, we observed that some crystals exhibited a thickness (h)
larger than h0 ≈ 20 nm of a mono-lamellar crystal. h > h0 resulted from stacking of several
uniquely oriented lamellae. The fraction of crystals with h > h0 increased with increasing
c, as can be seen from the increase in the fraction of “blue” platelets in Figure 2.

Figure 3. Influence of polymer concentration (c) on the number density and size of the crystals. Samples were crystallized
at TC = 20 ◦C for 24 h after self-seeding TSS = 40 ◦C for 30 min. (a) Fraction of crystals as a function of their thickness (h)
normalized by the thickness h0 ≈ 20 nm of a mono-lamellar crystal formed at TC = 20 ◦C. The black, red and green bars
represent the results obtained for c being 5, 10 and 20 mg/mL, respectively. The dotted lines represent the corresponding
fits assuming a Gaussian distribution; (b) Number density (N) and side length (L) of the obtained crystals.

Consistent with previous observations [4,17], the time the sample was kept at TSS did
not have a major impact on N and L. For controlling N and L, TSS turned out to be the
most relevant parameter. To reach this conclusion, we performed a series of experiments
with solutions of a given c and varied TSS systematically from 35 ◦C to 55 ◦C. After 5 min
at TSS, all solutions were quenched to a chosen TC where they were kept for 24 h. The
optical micrographs shown in Figure 4 represent N for a 10 mg/mL solution crystallized at
TC = 13 ◦C after seeding at various values of TSS.
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Figure 4. Influence of TSS on N and L. The optical micrographs show crystals obtained in a 10 mg/mL PS-b-PEO solution in
toluene crystallized at TC = 13 ◦C for 24 h after being 5 min at a self-seeding temperature (a) TSS = 35 ◦C; (b) TSS = 40 ◦C,
and (c) TSS =45 ◦C. The scale bar represents 15 µm.

Independent of TSS, the distribution in size of the platelets was very narrow, indicating
that all crystals started to grow simultaneously and grew at a constant rate, as expected for
a self-seeding procedure [17]. Figure 4 also shows that with increasing TSS, N and L of the
obtained crystals changed. We found that for a given c, N and L are related (increase of
N lead to a decrease of L). Interestingly, in addition to N and L, also h of the crystalline
objects, i.e., the number of stacked and uniquely oriented lamellae, increased with TSS
(Figures S1 and S3).

We measured N and L of the obtained crystals for many systematically repeated
experiments such as the one shown in Figure 4 for different c. For increasing TSS and
a given c, Figure 5 displays that a decrease in N was accompanied by an increase of L.
Accordingly, as shown also in Figure 4, very large crystals were obtained for high TSS.
Consistent with the graph shown in Figure 3b, N was proportional to c but L showed
rather small changes with c (see Figure 5).

Figure 5. The effect of self-seeding temperature (TSS) on the size (mean value of the side length L,
open symbols) of the crystals and their number density (N, closed symbols), shown for various con-
centrations (c), crystallized at TC = 13 ◦C (black), 20 ◦C (green) and 22 ◦C (blue) for 24 h, respectively.
Squares, circles, up triangles and down triangles represent data points obtained for c = 5 mg/mL,
c = 10 mg/mL, c = 20 mg/mL and c = 40 mg/mL, respectively.

For high TSS ≥ 50 ◦C, L and N became rather constant and did not further decrease
exponentially with TSS. This behaviour may indicate that at these temperatures self-seeding
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was outpaced by heterogeneous nucleation through some rare but highly active substances
within the solution.

Interestingly, comparing results for different c and various TC (Figure 5 and Figure S2),
we can confirm that the total volume (or total mass) of all crystals is proportional to the
number of polymers above the solubility limit of the solution (represented by the deposited
mass of the platelets per area, MC). From Figure 5, we can deduce that for TSS < 50 ◦C,
N is (roughly) proportional to 1/L2. For a constant TC, we can assume that the mean
thickness of the platelets h = η·h0 consisting on average of a number η of lamellar crystals
with a thickness h0 each, was constant, i.e., independent of TSS. Thus, the mass (mC)
of an individual platelet is proportional to its volume and the density of the polymer
(ρ ≈ 1 g/cm3). Therefore, the amount of polymer in solution above the solubility limit,
deduced from the total volume per area of all the crystals obtained for various conditions,
can be approximated by VC ≈ N·L2·η·h0, where η represents the average number of
lamellae in a stack. Hence, we obtain the total mass per area of the crystallized polymer
MC = N·mC ≈ ρ·VC = N·L2·h. Furthermore, for a given c and at constant TC, the value of
h is well defined, as observed experimentally. Thus, the product N·L2 should be constant.
Blundell and Keller found that the NBK·mC,BK = 1 where NBK is the number of nuclei per
gram of polymer and mC,BK the mass of each crystal [17].

In Figure 6, we show that especially for TC = 13 ◦C, the product N·L2·h0 did not
vary significantly with TSS. Some deviations from a constant value may be attributed to
the formation of stacks of lamellar crystals, i.e., not all platelets had the same thickness
(Figure S3), and to possible homogeneous nucleation events occurring at TC = 13 ◦C.
However, at low TSS, the values of N·L2 varied linearly with c (L is independent of c
and N varied linearly as shown in Figure 3). We concluded that for high densities of
seeds the formation of stacks of lamellae was unlikely and almost all platelets consisted of
mono-lamellar crystals (h ≈ h0, η = 1) (see Figure 6b).

Figure 6. The effect of TSS on the volume of the obtained crystals, assumed to be mono-lamellar, i.e., h ≈ h0, η = 1; Amount
(VC) of polymer in solution above the solubility limit, deduced from the total volume per area of all the crystals (assuming
VC ≈ N·L2·h0) obtained for various conditions. (a) Closed and open symbols represent data points of h0·N·L2 as a function
of TSS of crystals formed at TC = 13 ◦C and TC = 20 ◦C, respectively. Orange, brown, blue and red symbols represent
results for c = 5 mg/mL, c = 10 mg/mL, c = 20 mg/mL and c = 40 mg/mL, respectively. The corresponding dotted lines
indicate the values of h0·N·L2 which are expected to be independent of TSS. Observed data points below these lines may
indicate η > 1, especially for higher values of TSS; (b) Plot of N·L2·h0 (i.e., we assumed η = 1) for TSS= 35 ◦C as function of
c for TC = 13 ◦C (black circles) and TC = 20 ◦C (green squares), respectively. Linear fits to these data points extrapolated to
N·L2·h0 = 0 (magnified in the inset) yielded values for the solubility limit c∗. We obtained c∗ ≈ (1 ± 0.3) mg/mL and c∗ ≈
(1.5 ± 0.3) mg/mL for TC = 13 ◦C and TC = 20 ◦C, respectively.
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We observed that VC increased with polymer concentration c (Figure 6,). We note that
for concentrations less than c ∼= 1 mg/mL, no crystals were observed. As can be observed
from the graphs in Figures 3b and 6b, the linear fits extrapolated to N·L2·h0 = 0 yielded,
depending on TC, values for the solubility limit c∗. That means that for c < c∗, all polymers
were dissolved. We obtained c∗ ≈ (1 ± 0.3) mg/mL and c∗ ≈ (1.5 ± 0.3) mg/mL for the
data points obtained for TC = 13 ◦C and TC = 20 ◦C, respectively. Our results are on good
agreement with results published by Keller and co-workers [17]. Due to self-seeding, N
does not vary with TC but c∗ does and thus N·L2 depends on TC. For the explored values
of TSS ranging from 35 ◦C to 55 ◦C, our results for N, the distribution of L and c∗ were
reproducible with an uncertainty of less than ca. 10%.

Besides the dependence of N and L on TSS, we observed that L, but also c∗, depended
on TC. MC can also be related to the super-saturation ∆c = c− c∗: MC ≈ N·L2·h = VS·∆c,
where VS is volume of the deposited polymer solution per unit area and (h = η·h0). For
example, in VS = 0.1 µL of polymer solution deposited on an area of 1 µm2. Assuming
that all platelets were mono-lamellar crystals, we can predict L of the formed platelets,
controlling N through TSS and MC through ∆c, by following relation: L2 ≈ ∆c/N·h. We
concluded that for a given c, N depended only on TSS. Thus, for a constant TSS but varying
TC, L can be expressed as L2 ≈ 1/h·∆c. Increasing TC leads to a reduction of MC and
thus to platelets with smaller L. If η is increasing with TC, as observed, L decreases even
more [17,36,46,47].

4. Conclusions

The number (N) of platelet-like PS-b-PEO block copolymer crystals and their mean
lateral size (L) in a toluene solution can be well controlled via a self-seeding procedure.
We examined the influence of polymer concentration (c), the crystallization temperature
(TC), the self-seeding temperature (TSS) on N and L. We concluded that the volume of the
crystallized polymer in solution (VC) is determined by the solubility limit (c∗). Accordingly,
the product N·L2·h depended on TC. As (homogeneous) nucleation was circumvented
through the self-seeding procedure, N did not depend on TC but was mainly controlled
through TSS and c. Consistent with previous reports [17,23,35,36], for a given TSS, N was not
affected significantly by the time the sample was kept at TSS. On the other hand, for a given
TSS, L depended on TC. Therefore, L decreased when TC increased, often accompanied by
the formation of stacked lamellar crystals, especially for low values of N. To summarize,
by determining the crucial parameters of the self-seeding procedure, we can predict the
size of platelet-like crystals, their number density, and the number of uniquely oriented
lamellae stacked in such crystals. Therefore, we conclude that self-seeding represents a
highly suitable means for a controlled and predictable growth of well-defined polymer
crystals in a polymer solution.

Supplementary Materials: The following are available online at https://www.mdpi.com/article/10
.3390/polym13111676/s1, Figure S1: Height of stacks of lamellar crystals obtained by calibration of
interference colors with AFM measurements, Figure S2: The influence of seeding temperature TSS
on side length (L) and number density (N), Figure S3: Number density and its consequence on the
formation stacks of lamellar crystals.
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Abstract: Studying the growth of 1D structures formed by the self-assembly of crystalline-coil block
copolymers in solution at elevated temperatures is a challenging task. Like most 1D fibril structures,
they fragment and dissolve when the solution is heated, creating a mixture of surviving crystallites
and free polymer chains. However, unlike protein fibrils, no new nuclei are formed upon cooling and
only the surviving crystallites regrow. Here, we report how trapping these crystallites at elevated
temperatures allowed us to study their growth kinetics at different annealing times and for different
amounts of unimer added. We developed a model describing the growth kinetics of these crystallites
that accounts for fragmentation accompanying the 1D growth process. We show that the growth
kinetics follow a stretched exponential law that may be due to polymer fractionation. In addition, by
evaluating the micelle growth rate as a function of the concentration of unimer present in solution,
we could conclude that the micelle growth occurred in the mononucleation regime.

Keywords: block copolymers; crystallization-driven self-assembly; kinetics; fragmentation; growth

1. Introduction

“Seeing is believing” is a well-known idiom that has found an echo in science, where
many breakthroughs involved microscopy techniques. In polymer science, one of the
major discoveries was made in 1957 by Andrew Keller [1], while studying homopolymer
single crystals by transmission electron microscopy (TEM). Keller confirmed that the thin
lamellae of these crystals consisted of folded chains, as first suggested by Storks [2], and
then showed that the lamellar thickness of a homopolymer single crystal depends directly
on the temperature at which it was grown [3]. Since that time, microscopy techniques have
become an important tool to further investigate crucial aspects of polymer crystallization,
e.g., crystal morphology [4–7] and crystal growth kinetics [8–11].

Several groups have examined the self-assembly in solution of crystalline-coil block
copolymers (BCPs) that crystallize to form 1-dimensional (1D) micelles [12–18]. In several
cases, the length and the composition of these micelles can be controlled precisely by adding
free block copolymer (“unimer”) with the same crystalline block, leading to the formation
of elongated micelles or more complex structures referred to as block co-micelles [19–21].
Among these BCPs, those with a polyferrocenyldimethylsilane (PFS) core-forming block
have been the most intensely studied. PFS BCPs have allowed the formation of the
most advanced structures via stepwise hierarchical assembly [22–28]. Such sophisticated
structures are, however, difficult to create with other crystalline-coil BCPs, a situation
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compounded by our limited fundamental understanding of the crystallization and growth
of these 1D micelles.

To follow the growth kinetics of homopolymer single crystals in solution by mi-
croscopy, the crystals need to be isolated from their supersaturated unimer solution at
different annealing times. For 2D single crystals, one can sediment the crystals [29] or
transfer a crystal suspension quickly from one thermostated bath to another to surround
the original growth front with a crystalline layer of different thickness [8]. For 1D core
crystalline micelles, Boott et al. [11] followed the growth kinetic of PFS-b-PDMS (where
PDMS stands for polydimethylsiloxane) core-crystalline micelles by depositing a drop of
the micelle solution onto a TEM grid at a given annealing time and measuring the micelle
lengths. They evaluated the effect of solvent, unimer concentration and block ratio on the
micelle growth rate of PFS-b-PDMS micelles at temperatures where micelle fragmentation
and dissolution could be ignored.

Furthermore, valuable information about the formation and growth of core-crystalline
micelles can be obtained by studying their growth kinetics as a function of polymer
concentration. Indeed, crystal growth in solution is considered to be interface-controlled,
and the growth-determining step is the attachment of straight-chain segments (“stems”)
to the growth front and their rearrangement to form a surface nucleus [30–33]. Modern
theory identifies different growth regimes depending on the number and rate at which
stems spread on the crystal face [29,34]. These regimes are predicted to exhibit different
dependences on polymer concentration, c, and can be identified experimentally by studying
the polymer concentration dependence of crystal growth rates, G. This relationship is given
by G ∝ cγ, where γ is the concentration exponent. For polymer single crystals, γ ranges
from 0.2 to 2 [8,35]. A value of γ lower than 1 implies the presence of a barrier to chain
deposition at the crystal growth front, while γ larger than 1 suggests cooperation between
several unimers in solution to form a stable nucleus that would grow on the crystal face.

More recently, we have been particularly interested in understanding the main factors
that affect micelles dissolution [36,37]. We noticed that when a seed solution was heated at
a temperature where most of the seed dissolved, the surviving seeds could broaden and
extend [38]. To further investigate this phenomenon, here we report the growth kinetics
study of core-crystalline micelles in the presence of different amounts of unimer, at a
temperature where the micelles could both fragment and dissolve. For this purpose, we
pre-heated solutions of PFS53-b-PI637 (where PI stands for polyisoprene, and the subscripts
represent the degree of polymerization of each block) crystallites at 75 ◦C, and added
different amounts of unimer of the same BCP. After different annealing times, we injected a
large excess of PFS60-b-PDMS660 to trap the growing crystallites and measured their length
for each annealing time, following a seed-trapping approach developed previously [36].
In-depth analysis of the lengths of the trapped seeds and that of the control samples
(without trapping the seeds) allowed us to develop a kinetic model that accounts for the
fragmentation of the seeds during their growth. We also showed that the growth kinetics
could be well described by a stretched exponential, in agreement with the kinetics study of
Boott et al. [11]. To explain these results, we hypothesize that the stretched exponential is
caused by polymer fractionation. Finally, from the concentration dependency of the seed
growth rates, we showed that the 1D growth occurs via the successive addition of polymer
chains to the exposed crystal faces.

2. Materials and Method

Decane (99+%) and Karstedt’s catalyst were purchased from Sigma-Aldrich (Oakville,
ON, Canada) and used without further purification.

The PFS53-b-PI637 (Mn, GPC = 56,300, Ð = 1.01) and PFS60-b-PDMS660 were synthesized
by one of us and have been reported in ref [39].
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2.1. Transmission Electron Microscopy

Bright-field transmission electron microscopy (TEM) images were taken at the nanoimag-
ing facility of the chemistry department of the University of Toronto using a Hitachi H-7000
instrument (Hitachi High-Tech Corporation, Tokyo, Japan). Samples were prepared by placing
one drop of solution on a Formvar carbon-coated grid, touching the edge of the droplet with
a filter paper to remove excess liquid and allowing the grid to dry.

For each sample, micelle length distributions were determined by tracing more than
200 micelles using the software ImageJ (NIH, Laboratory for Optical and Computational
Instrumentation, LOCI, University of Wisconsin, Madison, WI, US). Error bars were cal-
culated using the standard error of the mean, s.e.m., obtained with a 99% confidence
interval.

2.2. Sample Preparation

Six vials, each containing 4 mL of the same seed solution (c = 0.02 mg/mL) were
heated at 75 ◦C in a heating bath. After 40 min of heating, different aliquots (0, 16, 33, 52,
76 and 82 µL) of PFS53-b-PI637 unimer heated in decane (c = 4.8 mg/mL) at 100 ◦C were
added to these solutions. Those solutions were then further annealed at 75 ◦C for 100, 420,
1200 and 2640 min. After each annealing time, 1 mL of each solution was transferred into
empty vials that were also pre-heated to 75 ◦C. Half (0.5 mL) of each of these solutions
were then injected in an empty vial and let to cool to room temperature (23 ◦C), following
the usual self-seeding procedure, while to the second half we added a 5 times excess of
PFS60-b-PDMS660 unimers that was pre-heated in decane at 100 ◦C. This second set of
samples was briefly swirled and let at 75 ◦C for 5 more minutes to fully mix PFS60-b-
PDMS660 with the PFS53-b-PI637 unimers remaining in solution. The samples were then
removed from the heating bath to cool to room temperature. This procedure allowed us to
trap the PFS53-b-PI637 surviving seeds with the large excess of PFS60-b-PDMS660 unimer.
After two days of aging at room temperature, we added 0.5 mL of decane to each trapped
seed solution, followed by 0.1 mL of Karstedt’s catalyst. The samples were let to age one
more day and then studied by TEM. In parallel, the control samples were aged at room
temperature for two days prior to be imaged by TEM. This led to a total of 48 samples that
were imaged by TEM.

Note that to follow the micelle growth kinetics as a function of unimer concentration,
we used a PFS53-b-PI637 seed solution in decane prepared for a previous study [36] and
that was carefully stored in a sealed container and aged for one year at 23 ◦C. Over this
time, the size (number average length, Lseed,RT, equal to 43.5 nm) and concentration of seed
crystallites remained constant (Figure S1), but aging decreased the number of crystallites
that dissolved at a given annealing temperature (Figure S2). We attribute the enhanced
robustness of the one-year-old seeds to an increase in the crystallinity of the 1D PFS core.
To confirm that this long aging time did not affect the mechanism of the seed dissolution,
we plotted the length distribution of one-year aged seeds annealed and trapped at 75 ◦C,
and compared it with the length distribution of the freshly prepared seeds annealed and
trapped in similar conditions (Figure S3).

2.3. Definition of Key Parameters

The parameter p represents the ratio of the amount of PFS53-b-PI637 unimer added to
the solution at 75 ◦C (muni,added) to the mass of seed crystallites present in the seed solution
at 23 ◦C (mseeds,RT) prior to heating the solution to 75 ◦C. Lts(p,t) is the number average
length of the trapped seeds annealed at 75 ◦C for different annealing times, while the
number average length of the untrapped micelles cooled to 23 ◦C is defined as Lmic(p,t).

Seeded growth can be well described by a simple equation [19]:

Lmic =

(
muni
mseed

+ 1
)

Lseed (1)
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where Lmic and Lseed are the number average lengths of the micelles and the seeds, respec-
tively, while muni is the mass of unimer added to the solution and mseed is the mass of
seeds. Despite its apparent simplicity, one can extract a large amount of information from
Equation (1), helping us understand some key phenomena related to seeded growth and
self-seeding.

3. Results and Discussion

The surviving seeds could easily be delineated by our seed-trapping protocol
(Figure 1) [36]. Figure 1f,g shows representative TEM images of the stained trapped
seeds after the solution was annealed at 75 ◦C, for 2640 min without unimer added (p = 0,
Figure 1f) and with the largest amount of PFS53-b-PI637 unimer added (p = 4.9, Figure 1g).
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crystallites annealed at 75 °C for different times in the presence of added PFS53-b-PI637 unimer. In 
this scheme we use a color code to represent different chemical species: Red represents polyferro-
cenyldimethylsilane (PFS) (either as the PFS block of a unimer or the crystalline core of a micelle), 
blue represents polyisoprene (PI), grey represents polydimethylsiloxane (PDMS), while the black 
spheres represent the platinum nanoparticles from the Karstedt’s catalyst used to stain PI. (c,d) TEM 
images of PFS53-b-PI637 micelles obtained by heating seeds at 75 °C for 2640 min, and letting the 
solution cool to 23 °C, (c) without PFS53-b-PI637 unimer added (p = 0), and (d) in the presence of an 
initial mass ratio (p = 4.9) of PFS53-b-PI637 unimer added to PFS53-b-PI637 seeds. (e) Respective histo-
grams of the length distributions of the regrown micelles without (p = 0, purple columns), and with 

Figure 1. Seed growth kinetics studied by seed trapping. Schematic diagram describing (a) the control and (b) the seed-
trapping experiments performed to study the growth kinetics of PFS53-b-PI637 crystallites annealed at 75 ◦C for different
times in the presence of added PFS53-b-PI637 unimer. In this scheme we use a color code to represent different chemical
species: Red represents polyferrocenyldimethylsilane (PFS) (either as the PFS block of a unimer or the crystalline core
of a micelle), blue represents polyisoprene (PI), grey represents polydimethylsiloxane (PDMS), while the black spheres
represent the platinum nanoparticles from the Karstedt’s catalyst used to stain PI. (c,d) TEM images of PFS53-b-PI637 micelles
obtained by heating seeds at 75 ◦C for 2640 min, and letting the solution cool to 23 ◦C, (c) without PFS53-b-PI637 unimer
added (p = 0), and (d) in the presence of an initial mass ratio (p = 4.9) of PFS53-b-PI637 unimer added to PFS53-b-PI637 seeds.
(e) Respective histograms of the length distributions of the regrown micelles without (p = 0, purple columns), and with
unimer added (p = 4.9, green columns). (f,g) TEM images of PFS53-b-PI637 seeds trapped after 2640 min of annealing at
75 ◦C, (f) without PFS53-b-PI637 unimer added (p = 0), and (g) in the presence of an initial mass ratio of PFS53-b-PI637 unimer
added to PFS53-b-PI637 seeds, p = 4.9. (h) Respective histograms of the length distribution of the surviving PFS53-b-PI637

seeds without (p = 0, purple columns), and with unimer added (p = 4.9, green columns). Samples (f,g) were stained with
Karstedt’s catalyst to highlight the PI rich regions.
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It is important to note that, as shown in a previous study [36], the trapped seeds are
ca. 3.5 nm longer than the stained seeds as observed by TEM due to the shrinkage of the
corona block induced by the cross-linking of the corona by the karsted’s catalyst.

The effect of the addition of PFS53-b-PI637 unimer on PFS53-b-PI637 seeds can be seen
in Figure 1f–h, in Figures S4–S15 and Tables S1 and S2. Lts(0,2640) is similar to that of the
un-aged seeds trapped at room temperature (Figure S16), suggesting that the dissolution
of some of the seeds did not induce an obvious growth of the surviving seeds at 75 ◦C.
In the presence of extra unimer (p = 4.9, Figure 1g), and after the same annealing time
(2640 min), the length distribution of the seeds shifted to larger values, broadened and
became Gaussian-like (Figure 1h). However, one sees that even after 2 days of annealing,
the length of the trapped seeds remained much smaller than those of the corresponding
control samples that were fully regrown at 23 ◦C (Figure 1c–e), a clear indication that most
of the unimer remained in solution at 75 ◦C.

Figure 2a shows the evolution of micelles that regrew after annealing (control ex-
periments), Lmic(p,t), as a function of annealing time for each amount of unimer added
to the solution. For all the amounts of unimer added, one sees that the lengths of the
micelles regrown at 23 ◦C decreased with annealing time. This result was rather surprising
since one would intuitively expect the lengths of the micelles regrown at 23 ◦C, Lmic(p,t) to
be independent of annealing time. For each annealing time, however, the lengths of the
micelles subsequently regrown at room temperature, Lmic(p,t) versus p obeys Equation (1),
still increasedlinearly as a function of the amount of unimer present in solution (Figure 2b).
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Figure 2. Evolution of the number average lengths of micelle annealed at 75 ◦C and regrown at
room temperature solutions as a function of (a) time and (b) ratios p. Evolution of the number of
average lengths of trapped seeds as a function of (c) time and (d) ratios p. p is the ratio of the mass
of unimer added to the hot seed solution, muni,added, to the mass of seeds originally present in the
solution, mseeds,RT. Error bars correspond to the s.e.m. of the length distributions.

In contrast, the lengths of the seeds trapped at 75 ◦C, Lts(p,t) increased as a function
of time (Figure 2c), following much more conventional behavior. Seeded growth was,
however, extremely slow since even after two days of annealing, the trapped seeds re-
mained much smaller than the micelles at room temperature, reaching only 90 nm for the
largest amount of unimer injected in the solution. The growth kinetics were also non-linear,
slowing down with time (Figure S17). Micelle growth, although extremely slow, was still
noticeable since, for p = 4.9, the trapped seeds were ca. twice longer after 2640 min of
annealing than after 100 min. Finally, in Figure 3d we show the plot of the length of the
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trapped seeds as a function of the different amount of unimer added to the solution for
each annealing time. In this plot, one observes that Lts(p,t) increased linearly as a function
of p, as already seen for Lmic(p,t) versus p.
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The seed-trapping and control experiments were rather simple to perform, leaving
little doubts about the validity of the results obtained. Interestingly, their combination
coupled with the use of Equation (1) (which is also highly straightforward) can unravel
complex phenomena, as shown in the following sections.

3.1. Control Experiments: Lateral Growth versus Fragmentation during Annealing

The number average lengths of the seeds annealed at 75 ◦C for different times (100, 420,
1200 and 2640 min) (Figure S18) and cooled to room temperature decreased monotonically
from ca. 64.4 nm for the sample annealed for 100 min down to 55.4 nm when annealed for
2640 min. Although the length distributions of the sample shifted toward lower values
(Figure 3a,b), the variation was quite small and could be considered, a priori, as part of the
experimental error. However, similar behavior was observed for all the control samples,
becoming increasingly noticeable as the amount of unimer added to the solution increased
(Figure 3c,d), pointing toward a systematic effect of the annealing time on the final length
of the micelles regrown at room temperature.

Previous works have shown that two main phenomena could explain this behavior:
(a) Unimer chains could add laterally onto the micelles during annealing. These

chains would thus not participate to the elongation of the micelles. Since lateral growth is
expected to be time dependent, the amount of unimer in solution that could participate to
the elongation of the micelle at 23 ◦C would decrease with time.

(b) The micelles could fragment with time, increasing the number of seeds in solution
which would lead to a decrease in the lengths of the micelles once they regrew at 23 ◦C.

The one-year aged seed crystallites were much more stable towards annealing at 75 ◦C
than their freshly prepared counterpart (Figure S2). Therefore, one can conclude that this
long aging time favored the packing of the crystalline core and decreased the distance
between two grafting points. As a result, the densification of the micelle crystalline core
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would lead to an increase in their grafting density, hindering the lateral growth of the
micelles [38]. We thus assume that the decrease in Lmic(p,t) as a function of annealing time is
mainly due to seed fragmentation, while lateral growth can be neglected. We verified these
assumptions by evaluating the ratio Lmic(p,t)/Lmic(0,t) as a function of annealing time for
both scenarios, and comparing it with the experimental plot of Lmic(p,t)/Lmic(100,t) versus
time shown in Figure 2b.

The lateral growth of the micelles during annealing would lead to an increase in the
linear aggregation number of the micelles in the section that was regrown. Therefore, we
can rewrite Equation (1) to express Lmic(p,t) as a function of both p and t:

Lmic(p, t) =

(
Nagg/L(p, t)

Nagg/L,RT

muni(p, t)
mts(p, t)

+ 1

)
Lts(p, t) (2)

where Nagg/L(p,t), is the linear aggregation number of the trapped seeds, Nagg/L,RT is the
linear aggregation number of the seeds at room temperature. muni(p,t) is the amount of
unimer that is still present in solution after it was annealed at 75 ◦C for a time t.

We recall that mseeds,RT = muni(0,0) + mts(0,0), while by definition, madded(p,0) = p mseeds,RT,
where muni(0,0) is the mass of unimer coming from the dissolution of some of the starting
seeds, madded(p,0) is the mass of unimer added to the solution and mts(0,0) is the mass of
the surviving seeds just after heating. Equation (2) thus gives (see Supporting discussion,
Section I):

Lmic(p, t) = Lts(0, 0)
[
(p + 1)

mseeds,RT

mts(0, 0)

]
+ Lts(p, t)

[
1−

Nagg/L(p, t)
Nagg/L,RT

]
(3)

For t = 0, Nagg/L(p,0) = Nagg/L,RT (the linear aggregation number does not change),
leading to:

Lmic(p, 0) =
mseed,RT

mts(0, 0)
(p + 1) Lts(0, 0) (4)

Here, we note that for the specific case where p and t are equal to 0, Equation (4) gives:

mseeds,RT

mts(0, 0)
=

Lmic(0, 0)
Lts(0, 0)

(5)

Therefore, Equation (3) becomes:

Lmic(p, t)
Lmic(p, 0)

= 1− Lts(p, t)
Lmic(0, 0)

(
Nagg(p, t)− Nagg,RT

Nagg,RT

)
1

(p + 1)
(6)

On the other hand, if the decrease of Lmic(p,t) as a function of time is solely due to the
fragmentation of the seeds as a function of time (and, thus to an increase in the number of
seeds), we can show (Supporting discussion, Section II) that:

Lmic(p, t) =
mseed,RT

mts(0, 0)
(p + 1) Lts, f (p, t) (7)

where Lts,f(p,t) is the length of the fragmented seeds as a function of annealing time.
We note that Equation (7) is equivalent to Equation (4), using Lts,f(p,t) instead of Lts(p,t).

At time, t = 0, just after the seed solution reached 75 ◦C, although the seeds may have
fragmented, they did not grow, thus, the length of the fragmented seeds at t = 0 is the same
as the length of the trapped seeds, i.e., Lts,f(p,0) = Lts(p,0) = Lts(0,0). We can thus write:

Lmic(p, t)
Lmic(p, 0)

=
Lts, f (p, t)
Lts(0, 0)

(8)
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Equations (6) and (8) indicate that the evolution of Lmic(p,t)/Lmic(100,t) versus time for
different values of p strongly depends on the annealing history. If lateral growth occurs
during annealing (Equation (6)) then, one should expect Lmic(p,t)/Lmic(100,t) to vary with
the amount of unimer added to the solution, while in the case of seed fragmentation
(Equation (8)), Lmic(p,t)/Lmic(100,t) would be independent of p if the seed fragmentation
does not depend on the amount of unimer added to the solution.

To evaluate which equation better describe the experimental results, we plotted
Lmic(p,t)/Lmic(100,t) versus time for the different amount of unimer added to the solution
(Figure 4). In this plot, Lmic(p,t)/Lmic(100,t) appears to be independent on the amount
of unimer injected into the seed crystallite solution for the annealing times investigated,
a strong indication that the change in the final lengths of the micelles for the control
experiment is mainly due to seed fragmentation (additional discussion can be found in
Supporting Information).
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the solution, mseeds,RT (p = 0, 0.9, 2, 3.1, 4.5, 4.9).

3.2. Fragmentation versus Annealing Time

The presence of fragmentation could strongly affect the micelle growth kinetics. In-
deed, the impact of fragmentation on the micelle lengths during seeded growth is multifold.
It decreases the length of the micelles that fragment, and it increases the number of seeds
the unimer can add on. Fragmentation could also influence the growth kinetics. For
example, if seeded growth was a diffusion limited process, the increase in the number
of seeds in solution would decrease the diffusion time between the unimer and the seed
ends, which would lead to an increase in growth kinetics. It might thus appear difficult to
quantify the effect of fragmentation on micelle growth.

Fortunately, we can use some key observations that were made in previous reports as
well as in the present work to simplify the equations. Boott et al. [11] have shown that the
seeded growth of PFS63-b-PDMS513 (a system similar to that presented in this study) was
not diffusion-limited. We can thus assume that the growth kinetics is not influenced by
the seed fragmentation. In addition, the overlapping plots of Lmic(p,t)/Lmic(p,100) indicate
that micelle fragmentation does not depend on the amount of unimer present in solution.
Finally, we distinguish dissolution from fragmentation, in the sense that fragmentation
leads to the formation of more micelles/seeds, but does not add any unimer in solution.

The number average length of a population of N seeds is given by:

Ln =

N
∑

i=1
Li

N
(9)
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where Li is the length of seed i, and N is the total number of seeds. If z new seeds are
formed via fragmentation, the number average length of the seed solution, Ln,f becomes:

Lts, f (t) =

N+ f
∑

i=1
L′i (t)

N + z(t)
=

N
∑

i=1
Li

N + z(t)
=

N
∑

i=1
Li

N
1

1 + z(t)/N
= Lts(0, 0) f (t) (10)

where L′i is the length of seed i, after fragmentation. It is important to note that Equation (10)
is only correct in absence of dissolution during the fragmentation, since in this case, the
total length of the seeds is unchanged and z(t)/N increases with time, from 0 to a finite
positive value.

In the present work, seed annealing can be schematized as a two-step process. First,
as soon as the annealing temperature was reached, the seeds with the lowest crystallinity
dissolved [36], while the rest of the seeds survived. The dissolution step can be considered
instantaneous. In the second step, the seeds fragmented. As shown in Figures 2a, 3 and 4,
this step is time dependent.

The difficulty here resides in choosing a physically meaningful equation that would
describe the fragmentation of the trapped seeds during annealing. In a previous work [36],
we showed that short seeds, such as those used in this study, would mainly fragment in
the center until they reach a critical length, Lc,f [40–43], that was estimated to be close to
32 nm. Since we are using the same seed solution, we would expect the critical length to
also be close to 32 nm.

It is also important to note that the increase in length of the seeds during annealing at
75 ◦C (Figure 2c,d), did not affect their fragmentation, since the plots of Lmic(p,t)/Lmic(100,t)
versus time (Figure 4) overlap for all the values of p. This result, in apparent contradiction
with previous observations [44], suggests that the original seeds were more fragile than
their extended counterparts. This phenomenon may find its origin in the fact that the
original seeds were grown at room temperature, while the extended parts were grown at
75 ◦C, which could facilitate a better packing of the crystalline block, strengthening the
micelle core.

From this description, we infer that the evolution of the number of fragmentation
events as a function of time could be approximated by a normal distribution centered at
t = 0. Indeed, at short time, the number of seeds that would fragment might be relatively
large, but as the annealing time increases, the seeds would strengthen, and the number of
fragmentation events would slowly decrease. Since the number of seeds increases at each
fragmentation event, one needs to consider the sum of all the events as a function of time,
leading to a cumulative distribution function:

z(t) = 2
t∫

0

exp
(
− x2

2 σ2

)

√
2πσ2

dx[α− 1] N (11)

and
f (t) =

1
1 + z(t)/N

=
1

1 + 2
t∫

0

exp
(
− x2

2 σ2

)

√
2πσ2 dx[α− 1]

(12)

where σ can be related to the rate of fragmentation, since fast fragmentation would lead to
a low value of σ, while α is a normalization factor defined as:

α =
Lts(0, 0)

Lc, f
(13)

If the length of the surviving seeds at t = 0 is equal to the critical length, Lc,f, then α = 1,
and the seeds will not fragment. However, if α is large, then the decrease in seed lengths
due to fragmentation will also be large.
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From Equation (10), the change of the trapped seed lengths as a function of fragmen-
tation is thus:

Lts, f (0, t) =
Lts(0, 0)

2
t∫

0

exp
(
− x2

2 σ2

)

√
2πσ2 dx[α− 1] + 1

(14)

Since the amount of unimer added to the seed solution did not affect their fragmenta-
tion, we can write the more general equation:

Lts, f (p, t) =
Lts(0, 0)

2
t∫

0

exp
(
− x2

2 σ2

)

√
2πσ2 dx[α− 1] + 1

(15)

with Lts(0,0) = Lts(p,0), since at time t = 0, no unimer would have time to add onto the
surviving seeds.

Incorporating Equation (15) into Equation (7) leads to:

Lmic(p, t) = (p + 1)
Lmic(0, 0)

2
t∫

0

exp
(
− x2

2 σ2

)

√
2πσ2 dx

(
Lts(0,0)

Lc, f
− 1
)
+ 1

(16)

Equation (16) can thus be used to fit Lmic(p,t)/(1 + p) versus time (Figure 5a). For this
fit, we used the values of σ = 2700 min, Lmic(0,0) = 65 nm, Lts(0,0) = 41 nm and Lc,f = 32 nm,
which is the value expected from the superblob approach [36]. In a previous work, we have
shown that in dilute solution seeds dissolve in a cooperative (explosive) process. Thus,
seeds that survive dissolution would be expected to have a length similar to the original
seeds, i.e., 43.5 nm, close to the value of Lts(0,0) = 41 nm used to fit the data.

Fits of Lmic(p,t) as a function of p and t are shown in Figure 5b,c. Despite the inherent
uncertainty in the measurements of the micelle lengths, we could fit reasonably well the
experimental data shown in Figure 5b,c using Equation (16).

3.3. Growth Kinetics at 75 ◦C

Equation (16) gives the evolution of the number average lengths of the micelles once
they were fully regrown at room temperature. The lengths of these micelles were only
dependent on the number of seeds present in solution, i.e., seed fragmentation. Growth
kinetics could thus be ignored.

The situation is quite different for the seeds trapped at 75 ◦C, since the lengths of the
micelles as a function of time depend on both micelle fragmentation and growth kinetics.
Figure 2c,d, shows that the trapped seeds annealed for 2640 min were twice longer when
p = 4.9 than in absence of unimer added to the solution (p = 0). The master curve obtained
for Lmic(p,t)/(p + 1) versus time (Figure 5a), however, suggests that fragmentation did not
depend on the amount of unimer added. From these two observations, we conclude that
fragmentation and micelles growth were independent from each other, in our experimental
conditions. Indeed, if fragmentation was related to micelle growth, then a larger amount of
micelles would have fragmented when the micelles were longer, and Lmic(p,t)/(p + 1) would
have varied with p. Therefore, fragmentation and growth can be seen as two independent
time functions. We can thus write:

Lts(p, t) = f (t) g(p, t) (17)

where f (t) is the fragmentation function given in Equation (12), while g(p,t) describes
micelle growth as a function of p in absence of fragmentation:

g(p, t) =
[

muni(p, 0)−muni(p, t)
mts(p, 0)

+ 1
]

Lts(p, 0) (18)
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with Lts(p,0) = Lts(0,0), and mts(p,0) = mts(0,0).
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As shown in Supporting Information, taking into account the effect of the molecular
weight distribution of PFS53-b-PI637, leads to:

g(p, t) = Lts(0, 0)
[

1 +
(

Lmic(0, 0)
Lts(0, 0)

(1 + p)− 1
)(

1− e−(k
∗t)β
)]

(19)

where k* is the growth rate constant and β, the stretching exponent.
A stretched exponential is a signature of a distribution of growth rates [45,46]. This

kind of distribution could arise if the deposition rate of a unimer were highly sensitive either
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to the length of its PFS block or the block ratio of the BCP. Even though PFS53-b-PI637 has a
narrow molecular weight distribution (Ð = 1.01), it is not monodispersed. The stretched
exponential fit suggests that fractionation affects the micelle growth at 75 ◦C [47]. This
result is consistent with the observation made in one of the rare studies of the fractionation
of narrowly dispersed BCP by crystallization [48]. It is also in agreement with the recent
work from Song et al., who studied the CDSA of crystalline-coil BCPs with corona-forming
block of various molecular weight distributions [49].

Incorporating Equations (16) and (19) into Equation (17) finally gives the growth
kinetics of the micelles at 75 ◦C in the presence of fragmentation.

Lts(p, t) =
Lts(0, 0)

[
1 +

(
Lmic(0,0)
Lts(0,0) (1 + p)− 1

)(
1− e−(k

∗t)β
)]

2
t∫

0

exp
(
− x2

2 σ2

)

√
2πσ2 dx

(
Lts(0,0)

Lc, f
− 1
)
+ 1

(20)

Fits of Lts(p,t) as a function of p and t are shown in Figure 6. To fit the growth kinetics
data (Figure 6a,b), we used k* = 1.7 × 10−5 min−1 and β = 0.51. Interestingly, these values
compared well with the data obtained by Boott et al. [11] for the growth of PFS63-b-PDMS513
in n-hexane at different temperatures. Indeed, extrapolation of the Eyring plot (ln(k′/T)
versus 1/T) that they generated from kinetic data obtained at different temperatures led to
a rate constant k′ = 4.4 × 10−5 min−1 (or k′ = 7.3 × 10 −7 s−1), which is in the same order of
magnitude as the rate constant deduced from Equation (20).

3.4. Evaluation of the Growth Rate as a Function of Unimer Concentration

Equation (20) gives us the possibility to evaluate the growth rate of the core crystalline
micelles as a function of unimer concentration:

G(p, t) =
∂ Lts(p, t)

∂ t
(21)

By itself, G(p,t) is extremely complex. We are, however, interested in evaluating
the variation of G(p,t) as a function of p. For this reason, one simply needs to rewrite
Equation (20) to isolate all the terms that depend on p:

Lts(p, t) =
Lts(0, 0)e−(k

∗t)β
+ Lmic(0, 0)

(
1− e−(k

∗t)β
)

f (t)
+ p

Lmic(0, 0)
(

1− e−(k
∗t)β
)

f (t)
= x(t) + p y(t) (22)

Therefore G(p,t) is given by:

G(p, t) =
d x(t)

d t
+ p

d y(t)
d t

(23)

G(p,t) thus increases linearly with p, and since p is proportional to the unimer concen-
tration, c, we can write that G ∝ cγ, with γ = 1. This special case indicates that the micelle
growth proceeded in the mononucleation regime, where one nucleus adds at a time on the
growth face. The linear increase of G(p,t) with p is in agreement with the results of Monte
Carlo simulations reported by Hu et al. [50,51] for planar growth of 1D crystals.
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4. Conclusions

In summary, we have demonstrated that a seed-trapping protocol can be used to
investigate the crystal growth kinetics of 1D micelles at elevated temperatures where both
seed dissolution and fragmentation happened. Seed trapping proved particularly efficient
in delineating the surviving seeds, allowing us to measure them after different annealing
time. By comparing the length of the trapped seeds with the lengths of micelles that
followed the exact same thermal history without being trapped, we could develop a kinetic
model that accounted for seed fragmentation during crystallite growth. We considered
that the probability that a seed fragment was decreasing with time, following a normal
distribution function. The increase in number of seeds in solution could thus be described
by a cumulative distribution function that is not dependent on the amount of unimer
present in solution, and thus on the seeded growth kinetics. As previously reported, we
observed that the seeded growth kinetics could be well modeled by a stretched exponential,
which we believe is due to the fractionation by crystallization of the narrowly dispersed
BCP [52]. Finally, we used our growth kinetics model to evaluate the variation of the
growth rate as a function of the amount of unimer present in solution. We found that the
1D growth of the crystallites occurs in the mononucleation regime.

This study shows how seed trapping can be applied to study 1D micelle growth of
other crystalline-coil BCPs, as well as more complex systems such as the parallel growth of
two or three 1D crystals from a single BCP crystal face [53].

Supplementary Materials: The following are available online at https://www.mdpi.com/article/
10.3390/polym13183122/s1. Supporting discussion Section I: Effect of lateral growth on Lmic(p,t)
during annealing. Supporting discussion Section II: Effect of fragmentation on Lmic(p,t) during
annealing. Supporting discussion Section III: Growth kinetics at 75 ◦C. Table S1: Values of Lmic(p,t)
of the PFS53-b-PI637 crystallites heated for different annealing times at 75 ◦C and cooled to room
temperature (control experiments), Table S2: Values of Lts(p,t) of the PFS53-b-PI637 crystallites heated
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for different annealing time at 75 ◦C (seed-trapping experiments), Figure S1: Effect of PFS53-b-PI637
seed crystallite history on their stability at RT, Figure S2: Effect of PFS53-b-PI637 seed crystallite
history on their stability against dissolution upon heating at 75 ◦C, Figure S3: Comparison of the
histograms of the length distribution PFS53-b-PI637 seed crystallites that were trapped with PFS60-
b-PDMS660 unimer after being heated at 75 ◦C, Figure S4: TEM micrographs of PFS53-b-PI637 seeds
trapped after ((a) 100 min, ((b) 420 min, ((c) 1200 min and (d) 2640 min of annealing at 75 ◦C without
PFS53-b-PI637 unimer added (p = 0), Figure S5: TEM micrographs of PFS53-b-PI637 seeds trapped
after (a) 100 min, (b) 420 min, (c) 1200 min and (d) 2640 min of annealing at 75 ◦C in the presence
of an initial mass ratio of PFS53-b-PI637 unimer added to PFS53-b-PI637 seeds p = 0.9, Figure S6:
TEM micrographs of PFS53-b-PI637 seeds trapped after ((a) 100 min, ((b) 420 min, ((c) 1200 min and
((d) 2640 min of annealing at 75 ◦C in the presence of an initial mass ratio of PFS53-b-PI637 unimer
added to PFS53-b-PI637 seeds p = 2, Figure S7: TEM micrographs of PFS53-b-PI637 seeds trapped after
((a) 100 min, ((b) 420 min, ((c) 1200 min and (d() 2640 min of annealing at 75 ◦C in the presence
of an initial mass ratio of PFS53-b-PI637 unimer added to PFS53-b-PI637 seeds p = 3.1, Figure S8:
TEM micrographs of PFS53-b-PI637 seeds trapped after ((a) 100 min, ((b) 420 min, (c) 1200 min and
(d) 2640 min of annealing at 75 ◦C in the presence of an initial mass ratio of PFS53-b-PI637 unimer
added to PFS53-b-PI637 seeds p = 4.5, Figure S9: TEM micrographs of PFS53-b-PI637 seeds trapped
after (a) 100 min, (b) 420 min, (c) 1200 min and (d) 2640 min of annealing at 75 ◦C in the presence
of an initial mass ratio of PFS53-b-PI637 unimer added to PFS53-b-PI637 seeds p = 4.9, Figure S10:
Histograms of the length distributions of PFS53-b-PI637 trapped seeds after (a) 100 min, (b) 420 min,
(c) 1200 min and (d) 2640 min of annealing at 75 ◦C without PFS53-b-PI637 unimer added (p = 0),
Figure S11: Histograms of the length distributions of PFS53-b-PI637 trapped seeds after (a) 100 min,
(b) 420 min, (c) 1200 min and (d) 2640 min of annealing at 75 ◦C in the presence of an initial mass
ratio of PFS53-b-PI637 unimer added to PFS53-b-PI637 seeds p = 1, Figure S12: Histograms of the
length distributions of PFS53-b-PI637 trapped seeds after (a) 100 min, (b) 420 min, (c) 1200 min and
(d) 2640 min of annealing at 75 ◦C in the presence of an initial mass ratio of PFS53-b-PI637 unimer
added to PFS53-b-PI637 seeds p = 2, Figure S13: Histograms of the length distributions of PFS53-b-PI637
trapped seeds after (a) 100 min, (b) 420 min, (c) 1200 min and (d) 2640 min of annealing at 75 ◦C
in the presence of an initial mass ratio of PFS53-b-PI637 unimer added to PFS53-b-PI637 seeds p = 3,
Figure S14: Histograms of the length distributions of PFS53-b-PI637 trapped seeds after (a) 100 min,
(b) 420 min, (c) 1200 min and (d) 2640 min of annealing at 75 ◦C in the presence of an initial mass
ratio of PFS53-b-PI637 unimer added to PFS53-b-PI637 seeds p = 4.5, Figure S15: Histograms of the
length distributions of PFS53-b-PI637 trapped seeds after (a) 100 min, (b) 420 min, (c) 1200 min and
(d) 2640 min of annealing at 75 ◦C in the presence of an initial mass ratio of PFS53-b-PI637 unimer
added to PFS53-b-PI637 seeds p = 4.8, Figure S16: Histograms of the length of PFS53-b-PI637 seed
crystallites in decane that were trapped with added PFS60-b-PDMS660 unimer after being heated at
75 ◦C, then cooled to RT and stained with Karstedt’s catalyst, Figure S17. Evolution of the number
average lengths of the number average lengths of trapped seeds as a function of time for p = 0,
0.9, 2, 3.1, 4.5 and 4.9, Figure S18: Evolution of the number average lengths of PFS53-b-PI637 seed
crystallites annealed in decane at 75 ◦C, and cooled to 23 ◦C, as a function of the annealing time
(control experiment), Figure S19: Plot of Lmic(p,t) as a function of (1 + p) Lmic(100,t).
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Abstract: Hydrogels based on biopolymers, such as alginate, are commonly used as scaffolds in
tissue engineering applications as they mimic the features of the native extracellular matrix (ECM).
However, in their native state, they suffer from drawbacks including poor mechanical performance
and a lack of biological functionalities. Herein, we have exploited a crystallization-driven self-
assembly (CDSA) methodology to prepare well-defined one-dimensional micellar structures with
controlled lengths to act as a mimic of fibrillar collagen in native ECM and improve the mechanical
strength of alginate-based hydrogels. Poly(ε-caprolactone)-b-poly(methyl methacrylate)-b-poly(N,
N-dimethyl acrylamide) triblock copolymers were self-assembled into 1D cylindrical micelles with
precise lengths using CDSA epitaxial growth and subsequently combined with calcium alginate
hydrogel networks to obtain nanocomposites. Rheological characterization determined that the
inclusion of the cylindrical structures within the hydrogel network increased the strength of the
hydrogel under shear. Furthermore, the strain at flow point of the alginate-based hydrogel was
found to increase with nanoparticle content, reaching an improvement of 37% when loaded with
500 nm cylindrical micelles. Overall, this study has demonstrated that one-dimensional cylindrical
nanoparticles with controlled lengths formed through CDSA are promising fibrillar collagen mimics
to build ECM scaffold models, allowing exploration of the relationship between collagen fiber size
and matrix mechanical properties.

Keywords: crystallization-driven self-assembly; calcium alginate hydrogel; cylindrical micelles

1. Introduction

Fibrillar collagen is the basic building block for tissues and represents over 90% of the
total abundant collagen family [1,2]. In vivo, most ECMs are formed by a hydrogel-like
network of fibrous proteins comprised of fibrillar collagen, elastin, and a soft matrix com-
bining proteoglycans and polysaccharides [3,4]. The physical properties and mechanical
responses exhibited by ECMs are significantly influenced by their filamentous nature,
which affects downstream cellular processes such as mechanotransduction [5,6]. During
healthy aging, the fibrillar collagen content in many organs and tissues decreases, thus
diminishing the integrity and strength of the ECM, which are fundamental properties for
correct tissue and organ function [7,8]. For example, age-related skin wrinkling and stiffen-
ing of arteries are caused by a loss in integrity of fibrous proteins with age, which changes
the mechanical properties of tissue [9]. In this regard, hydrogels are promising synthetic
matrix materials to act as models to explore the effect of fibrillar collagen size on ECM
mechanical properties. Indeed, not only can hydrogels reproduce ECM microenvironments,
but also their mechanical properties [10]. Hence, by tailoring and designing the features of
hydrogel-based systems, they can precisely satisfy specific biomedical applications [11,12].

Alginate is a widely used polysaccharide [13] and has been widely used as a matrix
material in tissue engineering applications as a result of advantages such as low cyto-
toxicity, biocompatibility, non-immunogenicity, injectability, and low cost [14]. However,
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naturally-derived hydrogels suffer the drawback of being structurally weaker than syn-
thetic hydrogels [15]. In addition, as alginate-derived hydrogels are hydrophilic and don’t
possess a fibrillar structure or nanofillers, they have weak mechanical properties (i.e.,
strength and stiffness) [16,17] as well as a lack of biological functionalities [16]. In an
effort to overcome this, a range of nanocomposite hydrogels have been explored through
the combination of nanoparticles and natural biopolymers [18–21], where the mechanical
properties of the natural hydrogel network were shown to be enhanced by the interac-
tion between the added nanostructures and the biopolymer chains. Such interactions
were capable of tuning the stiffness, porosity, and nanostructure of the hydrogel, thus
improving its overall performance as a biomaterial [10,11,22–24]. Despite some promising
achievements to date—for example, exploring the effect of nanoparticle morphology on the
mechanical properties of hydrogels [11,24]—precise control of nanocomposite dimensions
and this influence on hydrogel mechanical properties is rarely reported and hence remains
an attractive and challenging area of research.

Generally, an ideal hydrogel biomaterial should satisfy the criteria of biocompatibility,
biodegradability, and appropriate mechanical properties [25–28] such as maintaining a
certain mechanical strength and stiffness even in a swollen state [29]. Furthermore, the
features of incorporated nanoparticulate filament structures are particularly important for
providing directionality and guidance within the composite material [30–32]. For instance,
filamentous extracellular protein networks show stiffening with increasing shear strain,
likely caused by collective rearrangements of the filaments [33,34]. However, contrary to
filamentous networks, many synthetic fibrillar hydrogels are shear-thinning, whereby the
viscosity decreases in response to increased shear strain as the hydrogel network breaks.
This property is often exploited in tissue engineering, where the hydrogel is able to be
injected into the body with a syringe [35], followed by rapid recovery of the mechanical
properties [10]. This particular shear-thinning behavior means the process of using polymer
fibers to improve the mechanical properties of nanocomposite hydrogels is complicated.
In order to understand this complexity, modeling the role of filament-like nanoparticles
and their dimensions in the enhancement of shear strength of alginate-based hydrogels
can provide crucial insights into the relationship between fibrillar collagen size and the
mechanical properties of the native ECM [36].

In order to effectively mimic the fibrous architecture of different lengths, precise
control over the formation of synthetic polymer fibers is vital. The ability to tailor the
dimensions of nanostructures [24] enables polymer fibers to exhibit intriguing similarities
to natural fibers, and therefore access to fibrillar collagen mimics. Polymer self-assembly
through solution crystallization of block copolymers, termed crystallization-driven self-
assembly (CDSA), with a semi-crystalline core-forming block has the remarkable ability to
precisely control the dimensions of polymer fibers and to date has been demonstrated for
a range of polymer blocks including polyferrocenylsilane [37], poly(ε-caprolactone) [38],
polylactide [39], polypeptoids [40], and oligo(p-phenylenevinylene) [41]. Previous reports
have used biocompatible and biodegradable poly(ε-caprolactone) (PCL)-based copolymers
to form cylindrical assemblies with controlled dimensions by epitaxial growth, which led
to the manufacture of biocompatible fibrillar hydrogels in situ [38]. The influence of the
polymer nanoparticle shape on material properties was further explored through morphol-
ogy control, which was achievable through CDSA. When calcium-alginate hydrogels were
blended with nanostructures of different morphologies, including 0D spheres, 1D cylinders,
and 2D platelets, the mechanical strength of the nanocomposite hydrogels was enhanced
to different degrees. The 2D nanostructures exhibited a significant increase compared to
the 0D or 1D nanoparticle counterparts [24]. Although this work demonstrated that PCL-
based cylindrical micelles could form hydrogels and that nanoparticle morphologies could
direct the mechanical strength of nanocomposite hydrogels, to date, utilizing PCL-based
cylindrical micelles of controllable lengths to precisely tune the mechanical properties of
nanocomposite hydrogels has yet to be achieved. The outcome of such advances could help
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to further understand the relationship between nanofiller dimensions and nanocomposite
hydrogel strength.

Based on the above, in this study we aimed to introduce polymeric cylinders as a
fibrillar structure within naturally-derived hydrogels and explore the influence of cylinder
dimensions on material properties (Scheme 1). To achieve this, poly(ε-caprolactone)-block-
poly(methyl methacrylate)-block-poly(N, N-dimethyl acrylamide) (PCL-b-PMMA-b-PDMA)
triblock copolymers were synthesized (Scheme 2) and assembled into cylindrical micelles of
controlled dimensions through CDSA. We demonstrated that the strength of nanocomposite
hydrogels under shear could be improved when blended with 1D cylindrical nanoparticles,
whereby the 500 nm cylindrical nanoparticles significantly increased the resistance of the
nanocomposite hydrogels to flow under strain in comparison to their counterparts with
other lengths. Overall, this work showed that nanoparticle cylinder length is one of the
critical factors in precisely tuning the mechanical properties of alginate-based hydrogel
networks, and that such nanocomposites show potential as collagen fiber mimics to explore
the effect of dimensions on ECM mechanical properties.

Polymers 2021, 13, x FOR PEER REVIEW 3 of 12 
 

nanoparticle morphologies could direct the mechanical strength of nanocomposite hydro-
gels, to date, utilizing PCL-based cylindrical micelles of controllable lengths to precisely 
tune the mechanical properties of nanocomposite hydrogels has yet to be achieved. The 
outcome of such advances could help to further understand the relationship between nan-
ofiller dimensions and nanocomposite hydrogel strength. 

Based on the above, in this study we aimed to introduce polymeric cylinders as a 
fibrillar structure within naturally-derived hydrogels and explore the influence of cylin-
der dimensions on material properties (Scheme 1). To achieve this, poly(ε-caprolactone)-
block-poly(methyl methacrylate)-block-poly(N, N-dimethyl acrylamide) (PCL-b-PMMA-b-
PDMA) triblock copolymers were synthesized (Scheme 2) and assembled into cylindrical 
micelles of controlled dimensions through CDSA. We demonstrated that the strength of 
nanocomposite hydrogels under shear could be improved when blended with 1D cylin-
drical nanoparticles, whereby the 500 nm cylindrical nanoparticles significantly increased 
the resistance of the nanocomposite hydrogels to flow under strain in comparison to their 
counterparts with other lengths. Overall, this work showed that nanoparticle cylinder 
length is one of the critical factors in precisely tuning the mechanical properties of algi-
nate-based hydrogel networks, and that such nanocomposites show potential as collagen 
fiber mimics to explore the effect of dimensions on ECM mechanical properties. 

 
Scheme 1. Formation of PCL-based cylindrical micelles with various lengths by epitaxial growth, and the fabrication of 
cylinder embedded nanocomposite hydrogels. 

 
Scheme 2. (A) Synthesis of PCL macro-CTA by ROP with a dual-headed CTA initiator and a DPP catalyst. (B) Synthesis 
of PCL-b-PMMA diblock copolymer by RAFT polymerization using AIBN as initiator. (C) Synthesis of PCL-b-PMMA-b-
PDMA triblock copolymer by RAFT polymerization using AIBN as initiator. 

  

Scheme 1. Formation of PCL-based cylindrical micelles with various lengths by epitaxial growth, and the fabrication of
cylinder embedded nanocomposite hydrogels.

Polymers 2021, 13, x FOR PEER REVIEW 3 of 12 
 

nanoparticle morphologies could direct the mechanical strength of nanocomposite hydro-
gels, to date, utilizing PCL-based cylindrical micelles of controllable lengths to precisely 
tune the mechanical properties of nanocomposite hydrogels has yet to be achieved. The 
outcome of such advances could help to further understand the relationship between nan-
ofiller dimensions and nanocomposite hydrogel strength. 

Based on the above, in this study we aimed to introduce polymeric cylinders as a 
fibrillar structure within naturally-derived hydrogels and explore the influence of cylin-
der dimensions on material properties (Scheme 1). To achieve this, poly(ε-caprolactone)-
block-poly(methyl methacrylate)-block-poly(N, N-dimethyl acrylamide) (PCL-b-PMMA-b-
PDMA) triblock copolymers were synthesized (Scheme 2) and assembled into cylindrical 
micelles of controlled dimensions through CDSA. We demonstrated that the strength of 
nanocomposite hydrogels under shear could be improved when blended with 1D cylin-
drical nanoparticles, whereby the 500 nm cylindrical nanoparticles significantly increased 
the resistance of the nanocomposite hydrogels to flow under strain in comparison to their 
counterparts with other lengths. Overall, this work showed that nanoparticle cylinder 
length is one of the critical factors in precisely tuning the mechanical properties of algi-
nate-based hydrogel networks, and that such nanocomposites show potential as collagen 
fiber mimics to explore the effect of dimensions on ECM mechanical properties. 

 
Scheme 1. Formation of PCL-based cylindrical micelles with various lengths by epitaxial growth, and the fabrication of 
cylinder embedded nanocomposite hydrogels. 

 
Scheme 2. (A) Synthesis of PCL macro-CTA by ROP with a dual-headed CTA initiator and a DPP catalyst. (B) Synthesis 
of PCL-b-PMMA diblock copolymer by RAFT polymerization using AIBN as initiator. (C) Synthesis of PCL-b-PMMA-b-
PDMA triblock copolymer by RAFT polymerization using AIBN as initiator. 

  

Scheme 2. (A) Synthesis of PCL macro-CTA by ROP with a dual-headed CTA initiator and a DPP catalyst. (B) Synthesis of
PCL-b-PMMA diblock copolymer by RAFT polymerization using AIBN as initiator. (C) Synthesis of PCL-b-PMMA-b-PDMA
triblock copolymer by RAFT polymerization using AIBN as initiator.

85



Polymers 2021, 13, 2202

2. Materials and Methods
2.1. Materials

Chemicals and solvents were purchased from Sigma-Aldrich, Acros, Fluka, TCI,
Fisher Chemical, Alfa Aesar or VWR. ε-Caprolactone (ε-CL) monomer was distilled over
calcium hydride before being stored in a glove box under an inert atmosphere. Diphenyl
phosphate (DPP) was recrystallized once from dried CHCl3/Hexane (3:1) and dried over
phosphorus pentoxide (P2O5) before use. (-)-Sparteine was dried over calcium hydride
and distilled before use. 1,4-Dioxane, chloroform, methyl methacrylate (MMA), and N,N-
dimethyl acrylamide (DMA) were purified by passing through basic alumina before use.
2,2′-Azobis(2-methylpropionitrile) (AIBN) was received from Molekula, recrystallized from
methanol, and stored at 4 ◦C. Deuterated solvents were received from Apollo Scientific.

2.2. Typical Procedure for the ROP of PCL Homopolymers

In a nitrogen-filled glove box, solutions of DPP (49 mg, 0.20 mmol) in dry toluene
(2 mL) and dual-headed CTA (52 mg, 0.21 mmol) in dry toluene (12.4 mL) were added
to ε-CL (1.44 g, 12.62 mmol). After stirring for 11 h at room temperature, the solution
was removed from the glove box, precipitated three times into ice-cold diethyl ether and
collected by centrifugation. The resultant yellow polymer was dried under vacuum over
phosphorus pentoxide for 2 days. The products were analyzed by SEC chromatograms and
it was ensured there were no shoulders or tails in both sides of high or low molecular weight
before proceeding with RAFT polymerizations and self-assembly. 1H NMR (300 MHz,
CDCl3) δ/ppm: 4.06 (t, 100 H, CH2OCO), 3.65 (t, 2 H, CH2OH), 2.30 (t, 100 H, OCOCH2),
1.73–1.33 (m, 330 H, OCO(CH2)5OH), Mn = 6.2 kg mol−1, DP = 52. SEC chromatograms
(DMF, PMMA standard): Mn = 13.1 kg mol−1, Mw = 14.3 kg mol−1, ÐM = 1.09.

2.3. Typical Procedure for the Synthesis of PCL-b-PMMA Diblock Copolymers

PCL50 (500 mg, 0.08 mmol), MMA (420 mg, 4.20 mmol), and AIBN (1.38 mg, 8.39× 10−3 mmol)
were dissolved in 1,4-dioxane (1.40 mL) and placed in an ampoule. The solution was then
freeze-pump-thawed three times and heated for 5 h at 70 ◦C. The reaction was quenched
by immersion of the ampoule in the ice bath, and the polymer was precipitated in ice-cold
methanol three times before being dried under vacuum and analyzed. 1H NMR (400 MHz,
CDCl3) δ/ppm: 4.06 (t, 100 H, CH2OCO), 3.59 (45 H, COOCH3), 2.30 (t, 100 H, OCOCH2),
1.91–1.81 (2 m, 8 H, CCH2, PMMA), 1.72–1.33 (m, 305 H, OCO(CH2)5OH), 1.02–0.83 (m,
36 H, CH3, PMMA), Mn = 8.2 kg mol−1, DP = 20. SEC chromatograms (DMF, PMMA
standard): Mn = 15.9 kg mol−1, Mw = 17.4 kg mol−1, ÐM = 1.10.

2.4. Typical Procedure for the Synthesis of PCL-b-PMMA-b-PDMA Triblock Copolymers

PCL50-b-PMMA20 (150 mg, 0.02 mmol), DMA (396 mg, 4.00 mmol), and AIBN (0.3 mg,
1.83 × 10−3 mmol) were dissolved in 1,4-dioxane (316 µL) and placed in an ampoule.
The solution was then freeze-pump-thawed three times and heated for 1 h at 70 ◦C. The
reaction was quenched by immersion of the ampoule in the ice bath, and the polymer
was precipitated in ice-cold diethyl ether three times before being dried under vacuum
and analyzed. 1H NMR (400 MHz, CDCl3) δ/ppm: 4.04 (t, 100 H, CH2OH), 3.58 (45 H,
COOCH3), 3.10–2.44 (m, 889 H, N(CH3)2, CHCH2, PDMA), 2.28 (t, 100 H, OCOCH2),
1.79–1.23 (m, 674 H, OCO(CH2)5OH (PCL), CCH2 (PMMA), CHCH2 (PDMA)), 1.02–0.83
(m, 48 H, CH3, PMMA), Mn = 27.6 kg mol−1, DP = 196. SEC chromatograms (DMF, PMMA
standard): Mn = 34.2 kg mol−1, Mw = 38.5 kg mol−1, ÐM = 1.12.

2.5. Typical Crystallization-Driven Self-Assembly Method for the Self-Nucleation of PCL Block
Copolymers

As a typical procedure of self-assembly conditions, PCL-b-PMMA-b-PDMA triblock
copolymer (25 mg) was added to 5 mL of ethanol (5.0 mg mL−1) in a vial. The samples
were heated to 70 ◦C or 90 ◦C without stirring for 3 h before cooling to room temperature.
Samples were imaged after 2 weeks of aging at room temperature.
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2.6. Typical Gel Formation of Nanocomposite Calcium Alginates

Alginate gels were prepared at 1.5 wt. % sodium alginate. Before use, sodium alginate
(19.9 mg, 0.1 mmol) was heated in the water to 70 ◦C for 1 h to aid dissolution and cooled to
room temperature. Micelles were dispersed in the water for 2 h before stirring with calcium
carbonate (5.0 mg, 0.05 mmol), followed by addition to the sodium alginate solution and
vortexing for 1 min. After the addition of D-glucono-δ-lactone (GDL) (17.8 mg, 0.1 mmol),
the gel was again vortexed for one minute before incubating at room temperature for two
days.

3. Results and Discussion
3.1. Triblock Copolymer Synthesis and Characterization

To investigate the effect of polymer fiber dimensions on their ability to enhance the
mechanical properties of hydrogels, cylindrical micelles with controlled lengths were
prepared. According to previous literature, PCL block copolymers are able to produce
cylindrical nanostructures by crystallization-driven self-assembly methodologies [42–44],
where the cylinder length is controlled by epitaxial growth [24]. To overcome the disas-
sembly of cylindrical micelles in water, which was attributed to the swelling of the corona
block and subsequent fracture by the stress induced to the crystalline core, a glassy, highly
hydrophobic polymer block was used to protect the PCL core. Therefore, following this
strategy, poly(ε-caprolactone)-block-poly(methyl methacrylate)-block-poly(N, N-dimethyl
acrylamide) (PCL-b-PMMA-b-PDMA) triblock copolymers were prepared.

The PCL-based triblock copolymers were synthesized using a combination of ring-
opening polymerization (ROP) of ε-caprolactone (ε-CL) and reversible addition-fragmentation
chain transfer (RAFT) polymerization of methyl methacrylate (MMA) and N, N-dimethyl
acrylamide (DMA), respectively. First, the ROP of ε-CL was performed in a nitrogen-
filled glove box at room temperature (RT) using a dual-headed initiator/chain transfer
agent (CTA) and diphenyl phosphate (DPP) catalyst in dry toluene (Scheme 2A). The
successful synthesis of PCL was indicated by proton nuclear magnetic resonance (1H
NMR) spectroscopy, where the methylene resonances of the repeat units were observed at
δ = 4.06 ppm and δ = 2.30 ppm, while the end group signal was at δ = 3.65 ppm (Figure S1).
The degree of polymerization (DP) was calculated by end-group analysis comparing the
integrations of characteristic signals, giving a DP of 55 and thus an Mn of 6.5 kg mol−1

(Table S1). Analysis of the PCL homopolymer by size exclusion chromatography (SEC) in
tetrahydrofuran (THF) eluent revealed a narrow dispersity (ÐM = 1.06, PMMA standards),
which indicated a well-controlled polymerization, as well as no transesterification as
detected by MALDI ToF mass spectrum (Figure S5). Importantly, the SEC chromatogram
from the UV-Vis detector at λ = 309 nm confirmed the retention of the trithiocarbonate end
group on the PCL homopolymer.

In order to prevent disassembly of the cylindrical micelles in water and subse-
quent rapid polymer precipitation, MMA was chosen as a hydrophobic RAFT compatible
monomer to serve as an interfacial block before incorporation of the DMA hydrophilic
block. The RAFT polymerization of MMA was carried out in 1,4-dioxane at 70 ◦C using
the PCL macro-CTA as a RAFT agent (Scheme 2B). The reaction reached 40% monomer
conversion after 5 h, and then purification was performed by precipitation into ice-cold
methanol to obtain the PCL-b-PMMA diblock copolymer. The 1H NMR spectroscopic
analysis revealed a DP of 19 and thus an Mn of 8.4 kg mol−1, using the methyl resonances
of the PMMA repeat units at δ = 3.59 ppm and δ = 1.02 ppm (Figure S2). The subsequent
RAFT polymerization of DMA was finally undertaken using the trithiocarbonate end group
of the PCL-b-PMMA macro-CTA in 1,4-dioxane at 70 ◦C (Scheme 2C). The reaction reached
71% monomer conversion as determined by 1H NMR spectroscopy after 24 h, followed by
quenching the polymerization and precipitation in ice-cold diethyl ether. The successful
synthesis of the PCL-b-PMMA-b-DMA triblock copolymer was confirmed by 1H NMR
spectroscopy (Figure S3), where the methyl resonances of the DMA repeat unit were ob-
served at δ = 3.10–2.44 ppm, giving a calculated DP of 196 and an Mn of 27.6 kg mol−1. SEC
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analysis with DMF as eluent showed a narrow molecular weight distribution with a clear
shift in molecular weight after each block and no observable evidence of low molecular
weight species (ÐM = 1.12, PMMA standards, Figures S4 and S5B,C).

3.2. Crystallization-Driven Self-Assembly for the Production of Cylindrical Micelles

To investigate the effect of nanoparticle dimensions on the mechanical strength of
nanocomposite hydrogels, cylindrical micelles with different lengths were prepared and
subsequently blended into alginate hydrogels to mimic the native ECM with a fibrillar
structure. Initially, polydisperse 1D cylindrical micelles were prepared from the poly(ε-
caprolactone)-based block copolymers using the spontaneous nucleation method as pre-
viously reported [38] (Scheme 1, Figure 1Aa). The crystalline nature of the PCL-based
cylindrical micelles was confirmed using Wide Angle X-ray Scattering (WAXS) (Figure S6),
where 2theta (2θ) peaks of crystalline PCL were observed at ca. 21◦ and 24◦ [45,46]. In
order to transform the polydisperse cylinders into micelles of controlled dimensions, a
living CDSA method was employed. In this process, crystalline seed micelles of uniform
size are obtained through probe sonication of the polydisperse cylinders, which can then
serve as initiation sites for further seeded growth of free polymer (unimer) in solution.
With the controlled addition of polymer unimers, cylindrical micelles with low dispersity
and precise length can be obtained, analogous to a living polymerization.

Spontaneously nucleated polydisperse micrometer-long cylinders (Figure 1Aa) were
diluted in solution to 0.5 mg mL−1 and subjected to probe sonication to prepare seed
micelles. In order to restrain undesired crystallization caused by local high temperatures,
the sonication was performed under a controlled temperature of 0 ◦C, and the total time of
20 min was divided into 10 rounds of 2 min, with the micelle solution left cooling in the ice
bath for at least 10 min between sonication rounds. Finally, uniform crystalline seeds were
obtained with a number average length of 65 nm (Figure 1Ab,B).
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Figure 1. (A) TEM micrographs of (a) polydisperse cylindrical and (b) monodisperse seed micelles. Epitaxial growth of
cylinders targeting (c) 250 nm, (d) 500 nm, (e) 750 nm, (f) 1000 nm, (g) 1500 nm, and (h) 2000 nm length values. 1% uranyl
acetate was used as a negative stain. Scale bar = 1 µm. (B) Linear epitaxial growth of PCL52-b-PMMA20-b-PDMA196 cylinders
with narrow length dispersity (blue triangles, error bars represent the standard deviation (σ) of the length distribution) in
comparison to the theoretical length (red circles). The cylindrical micelles were grown from ca. 65 nm seeds.

For the epitaxial growth step, a unimer solution was prepared by dissolving the
PCL50-b-PMMA20-b-PDMA200 triblock copolymers in tetrahydrofuran (THF) to form a
100 mg mL−1 solution. THF was chosen for this process as it is a good solvent for both
blocks and also miscible with ethanol, which was the chosen corona-selective solvent.
Different length cylindrical micelles were targeted by employing different unimer to
seed ratios, whereby the unimer THF solution was added at the desired ratio into a
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0.5 mg mL−1 seed micelle solution, followed by solvent evaporation at room temperature
(RT) to obtain stable structures in ethanol. Controlled linear epitaxial growth was visually
observed, with the longer cylinder solutions being more turbid, and further confirmed by
TEM imaging. The analysis showed that monodisperse cylindrical micelles with precise
micrometer lengths had been achieved, and that these were in agreement with predicted
lengths (Figure 1Ac–h,B, Table 1). Indeed, the length displayed by the cylinders was
proportional to the amount of unimer added (Table 1), which confirmed the controlled
nature of the epitaxial growth process (Figure S7). The monodisperse cylindrical micelles
were subsequently transferred into a pure aqueous phase by dialysis against water for
72 h. Importantly, the nanoparticles were confirmed to still exist as stable cylindrical
nanostructures without disassembly or degradation after the dialysis process (Figure S8),
therefore giving unprecedented access to collagen fiber mimics.

Table 1. Length dispersity of cylinders formed by epitaxial growth of PCL50-b-PMMA20-b-PDMA200

cylindrical micelles.

Target (nm) Lw
a (nm) Ln

b (nm) Lw/Ln

Seeds 68 65 1.05
250 nm 262 246 1.07
500 nm 506 491 1.03
750 nm 762 746 1.02

1000 nm 1029 988 1.04
1500 nm 1561 1532 1.02
2000 nm 1984 1911 1.04

Imaged by TEM; one hundred cylinders per sample were counted to measure the length of cylinders by ImageJ.
a Lw = weight average length. b Ln = number average length.

We next sought to investigate the relationship between the length of polymer fibers
and mechanical strength of the nanocomposite hydrogels. Alginate was chosen as the
hydrogel model matrix material in this work due to its high biocompatibility, low cost,
facile processing technology, and ubiquity in translational medicine. Alginate is an anionic
polysaccharide which forms a hydrogel structure through crosslinking with cationic sub-
stances, typically calcium [47,48]. In order to exclude any influences of surface charge on
hydrogel formation, we first measured the ζ-potential of the PCL50-b-PMMA20-b-PDMA200
triblock copolymer cylinders. This was found to be ca. −4.34 mV, and thus could be
considered approximately neutral [49] and as such avoid any additional effects of micelle
surface charge on crosslinking.

Calcium-crosslinked alginate hydrogels (without cylinders) were used as a control
group and were prepared by the combination of sodium alginate (1.5 wt %), calcium
carbonate (CaCO3, 0.5 eq.), and D-glucono-δ-lactone (GDL, 1.0 eq.). The low solubility of
CaCO3 relative to other crosslinking agents such as CaCl2 or CaSO4·2H2O allowed for a
slower gelation process. In turn, this CaCO3-GDL system ensured uniform dispersion of
calcium throughout the gel system before crosslinking occurred, preventing a heteroge-
neous structure which can lead to weak mechanical properties with low reproducibility [48].
Following establishment of the protocol for control calcium-crosslinked alginate hydrogels,
the precise length polymer fibers were then incorporated during the crosslinking process,
and TEM imaging was used to confirm that the cylinders remained intact during the mix-
ing and vortexing process (Figure S9). The calcium concentration was kept constant, and
different equivalents of monodisperse PCL50-b-PMMA20-b-PDMA200 cylindrical micelles
were added at RT.

The mechanical strength of the resultant nanocomposite hydrogels was characterized
through oscillatory rheology measurements. A control was performed in each dataset to
ensure that the trends were not affected by slight variations in sample preparation such
as lab temperature, which could cause a small shift in the magnitude of the theoretical
moduli between data sets. For all samples, a gel-like behavior was confirmed by comparing
the storage and loss modulus (G’ and G”), whereby G’ was higher than G” for the entire
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range of frequency sweep (Figure S10). Amplitude sweep tests also provided strain-
dependent information. Specifically, the broad linear-viscoelastic (LVE) region and the
hydrogel network breakdown were observed as the strain increased. In the LVE region, no
substantial change in G’ was observed when increasing the nanoparticle content, which
indicated the low embrittlement of the nanocomposite hydrogels as a consequence of
the addition of fillers. At high strain, the strain at the flow point (τf) was obtained (i.e.,
intersection of the curves for G’ and G”), with the value of shear stress being determined at
the crossover point (G’ = G”, Figure S11).

The strain-dependent response of the control alginate hydrogel without nanoparticles
showed a low strain value (ca. 20%) at the flow point. After the addition of 0.04, 0.06,
0.08, 0.10, and 0.12 wt % cylindrical micelles, the flow strain increased in comparison to
the control group (Figure 2, Table S2). Hence, polymer cylindrical micelles with different
lengths could enhance the mechanical strength of the nanocomposite calcium-crosslinked
alginate hydrogels. In particular, the strain at the flow point of the nanocomposite hydro-
gel embedded with 500 nm PCL50-b-PMMA20-b-PDMA200 cylindrical micelles distinctly
increased up to ca. 37% (at 0.10 wt %). We hypothesized that this phenomenon was
related to the pore size of the calcium-crosslinked alginate hydrogels, with the 500 nm
cylinders better able to pack into the pores of the hydrogels. The strain values at the
flow point were found to increase and then decrease with the cylinder wt % for each
cylinder length—although the maximum value was obtained at different wt % for different
lengths of cylinder. Notably, this behavior was not observed with cylinders of 1000 nm
and 1500 nm lengths, for which no significant enhancement was observed. Furthermore,
when the cylindrical micelles’ nanoparticle content reached 0.12 wt %, the hydrogel strain
value decreased for all systems, which was ascribed to steric hindrance [24,50]. In this case,
we postulate that surplus cylinders were unable to pack inside the pores of the hydrogel
network, thus reducing homogeneity and, consequently, disrupting hydrogel formation
and yielding poorer mechanical features. Finally, polydisperse cylinders were prepared
by mixing equal masses of 250 nm, 500 nm, 750 nm, 1000 nm, and 1500 nm cylinders to
investigate the extent to which mixed micelles could affect the mechanical properties of
hydrogels. The polydisperse cylinders showed a robust enhancement of the hydrogel strain
properties, which was second only to the 500 nm samples.
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These results showed that the dimensions of added fibrillar nanoparticles play an
essential role in tuning the mechanical strength of nanocomposite hydrogels. The addition
of cylindrical nanoparticles less than 750 nm in length was able to enhance the strain at flow
point for the alginate hydrogels; however, further increasing cylinder length to 1000 nm
and 1500 nm resulted in no improvement in mechanical properties. We hypothesize that
the short cylinders of 65 nm, 250 nm, 500 nm, and 750 nm lengths could provide an efficient
contribution to the mechanical resistance of hydrogels under shear due to being readily
distributed throughout the hydrogel network. However, when the cylinders were overly
short (65 nm or 250 nm in length), the cylinder ends were not able to effectively connect
the hydrogel network in the pores, thus limiting such improvement. In contrast, 1000 nm
and 1500 nm cylinders hindered the enhancement, likely because of the steric hindrance of
long cylinders. Importantly, our results showed that when cylinders of 500 nm in length
were incorporated, the resistance of the hydrogels to shear could be substantially enhanced
through uniform embedding of the polymer fibers, and therefore that cylindrical micelles
that can fit best in the pores of hydrogels should be preferentially considered as additives.

4. Conclusions

In this work, the relationship between the length of polymer fibers and the strain
at the flow point of nanocomposite calcium-crosslinked alginate hydrogels was studied.
Monodisperse PCL50-b-PMMA20-b-PDMA200 cylindrical micelles were achieved through
CDSA to give neutrally charged cylinders of 65 nm, 250 nm, 500 nm, 750 nm, 1000 nm, and
1500 nm in length, which were subsequently embedded within calcium-alginate hydrogel
matrices. Oscillatory rheology measurements showed that cylinders of 750 nm in length
and below, as well as a sample of polydisperse cylindrical micelles, were able to enhance
the strain at flow point of the alginate hydrogels. When cylinders of 500 nm length were
incorporated, the nanocomposite hydrogels showed an enhancement of strain at flow
point by up to ca. 37%. In comparison, no significant improvement was observed for
1000 nm and 1500 nm samples. Overall, this work demonstrates that hydrogel strength can
be enhanced through uniform embedding of polymer fibers in a size-dependent manner,
and therefore that nanocomposite hydrogels show potential to mimic the native ECM
as scaffolds for a wide range of biomedical applications in vivo, such as manufacturing
artificial skin or tissues.

Supplementary Materials: The following are available online at https://www.mdpi.com/article/10
.3390/polym13132202/s1. Figure S1. 1H NMR spectra (300 MHz, CDCl3) of PCL52 homopolymer.
Figure S2. 1H NMR spectra (300 MHz, CDCl3) of PCL52-b-PMMA20 diblock copolymer. Figure S3.
1H NMR spectra (300 MHz, CDCl3) of PCL52-b-PMMA20-b-PDMA196 triblock copolymer. Figure S4.
Overlaid (A) RI and (B) UV (λ = 309 nm) SEC chromatograms of PCL macro-CTA, PCL-b-PMMA
diblock copolymer, and PCL-b-PMMA-b-PDMA triblock copolymer using DMF with 5 mM NH4BF4
as the eluent and PMMA standards. Figure S5. (A) MALDI ToF mass spectra of PCL52 homopolymers,
which showed a m/z difference of 114.14 equivalent to a PCL repeat unit and, therefore, minimal trans-
esterification. (B) DOSY NMR spectra (500 MHz, CDCl3) of PCL52-b-PMMA20 diblock copolymers.
(C) DOSY NMR spectra (500 MHz, CDCl3) of PCL52-b-PMMA20-b-PDMA196 triblock copolymers.
Figure S6. WAXS spectra obtained of nanoparticles prepared from PCL52-based triblock copolymers,
exhibiting the 2θ peaks at ca. 21◦ and 24◦. Figure S7. Diameter distribution of (a) polydisperse
cylinders, (b) seeds, (c) 250 nm cylinders, (d) 500 nm cylinders, (e) 750 nm cylinders, (f) 1000 nm
cylinders, (g) 1500 nm cylinders, and (h) 2000 nm cylinders. Figure S8. TEM micrographs of (a)
polydisperse cylinders, (b) seeds, (c) 250 nm cylinders, (d) 500 nm cylinders, (e) 750 nm cylinders,
(f) 1000 nm cylinders, (g) 1500 nm cylinders, and (h) 2000 nm cylinders in water. 1% uranyl acetate
was used as a negative stain. Scale bar = 1 µm. Figure S9. Dynamic oscillatory frequency sweeps
at 0.5% strain of calcium-crosslinked alginate hydrogels at 0.50 eq. calcium with 0 wt% (control),
0.04 wt%, 0.06 wt%, 0.08 wt%, 0.10 wt%, and 0.12 wt% PCL50-b-PMMA20-b-PDMA200 cylindrical
micelles with different lengths, which included (a) 65 nm, (b) 250 nm, (c) 500 nm, (d) 750 nm, (e)
1000 nm, (f) 1500 nm, and (g) polydisperse cylinders. Figure S10. Strain-dependent oscillatory
rheology measurements at 10 rad s-1 angular frequency (ω) of calcium-crosslinked alginate hydrogels
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at 0.50 eq. calcium with 0 wt% (control), 0.04 wt%, 0.06 wt%, 0.08 wt%, 0.10 wt%, and 0.12 wt%
PCL50-b-PMMA20-b-PDMA200 cylindrical micelles with different lengths, which included (a) 65 nm,
(b) 250 nm, (c) 500 nm, (d) 750 nm, (e) 1000 nm, (f) 1500 nm, and (g) polydisperse cylinders. Table S1.
Polymer characterization data for PCL52-b-PMMA20-b-PDMA196 block copolymers.Table S2 Strain
values at the flow point for nanocomposite alginate hydrogels enriched with different concentrations
of PCL50-b-PMMA20-b-PDMA200 cylinders with different lengths. Data are presented as average ±
standard deviation.
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Abstract: The energy-efficient separation of hydrocarbons is critically important for petrochemical
industries. As polymeric membranes are ideal candidates for such separation, it is essential to
explore the fundamental relationships between the hydrocarbon permeation mechanism and the
physical properties of the polymers. In this study, the permeation mechanisms of methane, ethane,
ethene, propane, propene and n-butane through three commercial multiblock copolymers PEBAX
2533, PolyActive1500PEGT77PBT23 and PolyActive4000PEGT77PBT23 are thoroughly investigated
at 33 ◦C. This study aims to investigate the influence of cohesive energy density and crystallites of the
polyether block of multiblock copolymers on hydrocarbon separation. The hydrocarbon separation
behavior of the polymers is explained based on the solution–diffusion model, which is commonly
accepted for gas permeation through nonporous polymeric membrane materials.

Keywords: copolymer; membrane; hydrocarbon; cohesive energy density; gas separation; semicrys-
talline polymer

1. Introduction

Multiblock copolymers, which have alternating series of polyether-based soft blocks
and a glassy or semicrystalline hard block (e.g., polyamide [1,2], polyester [3,4], poly-
imide [5] and polyurethane [6]), have earned a reputation as ideal membrane materials for
gas separation. The structure–property relationships of this class of polymers have been an
intriguing field of research in the last decade. A good microphase separation between the
hard and soft blocks is highly desirable to enhance the gas separation performance of these
polymers [7,8]. Gas permeation occurs through the phase composed of the soft polyether
blocks while the hard blocks provide mechanical strength and a film-forming ability [4,9].
Since the gas permeation behavior of such polymers can be tuned by choosing the type,
content and length of the hard and soft blocks, these multiblock copolymers are often
regarded as a versatile tool in the design of gas separation membranes [7,10–16]. These
types of multiblock copolymers have been extensively explored for the separation of carbon
dioxide from light gases, e.g., nitrogen and hydrogen [17–20]. The quadrupolar moment
of carbon dioxide has a distinct affinity towards the polar ether oxygens, which makes
them ideal membrane materials through which carbon dioxide permeates faster than the
light gases. Polymers with several polyethers (e.g., poly(ethylene oxide) (PEO) [15,21],
poly(propylene oxide) [22–24] and poly(tetramethylene oxide) (PTMO) [25–27]) as soft
blocks have been explored as gas separation membrane materials. Multiblock copolymers
with PEO as a soft block have higher carbon dioxide selectivity than others due to higher
ether oxygen content. For the separation of carbon dioxide from light gases, the PEO blocks
are expected to be in an amorphous state under these operating conditions because the
presence of PEO crystallites reduces the gas permeability substantially. Gas permeation
through non-porous polymers occurs due to the presence of fractional free volume (i.e., the
volume unoccupied by the polymer chains). Gases cannot permeate through the perfectly
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packed chain-folded crystallites because they are too dense. In other words, the PEO
crystallites do not have the free-volume to allow permeation of the gases, which lowers
the gas permeability. The crystallinity of the multiblock copolymers has a relatively small
influence on selectivity. The overall selectivity of the polymers is mostly dictated by the
amorphous phase. However, in some studies, it has been reported that the crystallites
contribute to the polymer’s size-sieving ability and, thereby, have a negative impact on
the selectivity of carbon dioxide over light gases [15]. Unlike carbon dioxide separation,
the hydrocarbon separation mechanism of these multiblock copolymers is relatively less
explored. The separation of hydrocarbons is crucial in the petrochemical industry because
it is related to obtaining high-quality fuel and raw materials for bulk chemical production
(e.g., ethene for polyethylene) [28]. The conventional separation techniques (e.g., cryogenic
distillation) have a large energy penalty compared to membrane separation technology.
Thus, the fundamental knowledge regarding the correlation between the separation mech-
anism of hydrocarbons with the physical properties of the polymeric membrane materials
is crucial. In this work, we have investigated the permeability, diffusivity and solubility
of methane, ethane, ethene, propane, propene and n-butane through three multiblock
copolymers. The three commercially available multiblock copolymers, PEBAX 2533, Poly-
Active1500PEGT77PBT23 and PolyActive4000PEGT77PBT23, are denoted as P2533, P1500
and P4000, respectively. The chemical structure of these polymers is provided in Figure 1.
P2533 is composed of 80 wt% PTMO and 20 wt% polyamide 12 [1,2,18]. P1500 and P4000
are composed of 77 wt% poly(ethylene glycol)terephthalate and 23% poly(butylene tereph-
thalate) [3,17]. P1500 and P4000 contain PEO segments of 1500 and 4000 g/mol, respectively.
A thorough investigation of these three polymers revealed important information regarding
the role of cohesive energy density and the crystallites of the polyether blocks on the gas
permeation mechanism.
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2. Materials and Methods

PolyActive was purchased from PolyVation. PEBAX 2533 was purchased from
ARKEMA. The solvents dichloromethane (purity 99.0%) and n-butanol (purity 99.5%)
were purchased from Merck KGaA and Scharlau Chemie S.A., respectively. The chemicals
were used as received without any further purification.

Dense films were prepared in Teflon molds via solution casting. P2533 was dissolved
in n-butanol at 70 ◦C for 2 h. P1500 and P4000 were dissolved in dichloromethane at room
temperature. The obtained homogeneous solutions were poured in a Teflon mold. The
solution of P1500 and P4000 was evaporated at room temperature, while the solution of
P2533 was evaporated at 40 ◦C. The films were dried under a vacuum overnight at 30 ◦C.
Membrane thickness was measured by a digital micrometer, and they varied from 100 to
300 µm.

Differential scanning calorimetry (DSC) was used to study the melting transitions of
P2533, P1500 and P4000, ranging from −100 ◦C to 250 ◦C. All DSC runs were performed in
a DSC 1 (Star system) from Mettler Toledo using a nitrogen purge gas stream (60 mL/min)
at a scan rate of 10 K/min. Heating and cooling scans were performed by initially heating
the sample to 100 ◦C to erase the effects of residual solvent, and then the sample was
cooled to −100 ◦C. Finally, a second heating scan was performed up to 250 ◦C. The DSC
thermograms presented in Figure 1 correspond to the second heating cycle.

Single gas permeability of the prepared dense membranes was determined by the
constant volume and variable pressure (“time-lag”). Permeability (P), diffusivity (D) and
solubility (S) are determined at 33 ◦C from the pressure increase curves obtained during
the “time-lag” experiments using the following equations:

P = D.S =
Vp.l.

A.R.T.∆t
ln

p f − pp1

p f − pp2
(1)

D =
l2

θ
(2)

where Vp is the permeate volume, l is the membrane thickness, A is the membrane area, R
is the gas constant, pf is the feed pressure considered constant in the time range ∆t, pp1 and
pp2 are permeate pressures at times 1 and 2, ∆t is the time difference between two points
(1 and 2) on the pressure curve and θ is the time lag.

The ideal selectivity of the membranes is determined according to the following
equation:

αA/B =
PA
PB

=
DA
DB

.
SA
SB

(3)

where αA/B is the ideal selectivity, and PA and PB are single gas permeabilities of the two
gases A and B, respectively.

3. Results and Discussion

Figure 1 shows the second heating traces of the DSC thermograms of P2533, P1500
and P4000. The microphase separated multiblock copolymer P2533 has two distinct
melting endotherms for the PTMO and polyamide 12 block, respectively. Two separate
melting endotherms are also visible for P1500 and P4000 for the PEO and poly(butylene
terephthalate), respectively [17]. The onset and endset of the melting endotherms of the
PEO block of P1500 and P4000 are significantly different from each other. For P4000, the
melting of the PEO block starts at 40 ◦C and ends at 49 ◦C. The gas permeation properties
through the polymers are investigated at 33 ◦C. From the DSC thermograms, it is evident
that at 33 ◦C, the polyether blocks of P2533 and P1500 are completely amorphous while that
of P4000 is semicrystalline. Since the content of the polyether blocks P2533, P1500 and P4000
are rather similar, this study sheds light on the permeation mechanism of the hydrocarbons
through the amorphous PTMO block, amorphous PEO block and semicrystalline PEO
block, respectively. The permeabilities of all the hydrocarbons through P2533 > P1500 >
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P4000 are presented in Figure 2. The semicrystalline nature of the PEO blocks is responsible
for the low permeability of the gases through P4000. The densely packed crystallites
are impermeable for hydrocarbons. Gases permeate through the amorphous part of the
polymer only. The substantially high gas permeability through P2533 compared to P1500,
despite the similar amorphous polyether content, stems from the difference in the cohesive
energy density of the polyether blocks of these two polymers. For all of these polymers,
permeabilities of paraffinic hydrocarbons (i.e., methane, ethane, propane and butane)
increase with the molecular size (Figure 2). Despite the smaller size, the permeabilities
of ethene are slightly higher than that of ethane. Similarly, the permeabilities of propene
are higher than propane. To get a clear understanding of the gas permeation behavior of
these polymers, it is important to examine the influence of the cohesive energy density and
crystallinity of the polyether blocks on the solubilities and diffusivities of the gases.
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By definition, cohesive energy density is the internal energy of a substance per unit
volume, measuring the interaction energy between the molecules of the substance at a fixed
temperature: the stronger the interaction between the molecules, the higher the cohesive
energy density. The square root of the cohesive energy density is the Hildebrand solubility
parameter. For small molecules, cohesive energy density can be determined experimentally
from the enthalpy of vaporization [29]. As the polymers degrade before vaporization,
the cohesive energy density and the Hildebrand solubility parameter for polymers are
usually theoretically determined by a group contribution method [30]. Efforts have been
made to extract the cohesive energy density from other parameters, e.g., surface tension
and thermal expansivity [31]. The cohesive energy density of PEO and PTMO are widely
reported in the literature. While there are inherent limitations in determining the absolute
values, it is common knowledge that PEO has a higher cohesive energy than PTMO [31,32].
The attractive forces between the polyether segments stem from polar ether oxygen. The
higher ether oxygen content of PEO leads to a higher cohesive energy density compared to
that of PTMO.

A combination of two thermodynamic processes is involved in the dissolution of a gas
molecule in a polymeric membrane—the condensation of the gas molecules at the surface of
the membrane and the formation of a molecular scale gap in the polymer to accommodate
the gas molecule [33]. The first process is dictated by the inherent condensability of a
gas molecule. The critical temperature of the gas molecule is widely used as a measure
of condensability. Therefore, in Figure 3, the solubilities of the hydrocarbons in P2533,
P1500 and P4000 are plotted against their critical temperature. The second process of
gas dissolution is related to the cohesive energy density of the polymer. The higher the
cohesive energy density, the higher the energy demand to open up a molecular scale gap to
accommodate the gas molecule at the surface of the membrane. Since the cohesive energy
density of the PTMO segments is significantly lower than the PEO segments, the PTMO
containing P2533 can accommodate the condensed gas molecules more easily than the PEO
containing P1500 and P4000. Therefore, the solubilities of the gases are higher in P2533
compared to P1500 and P4000. From Figure 3, it is clear that the cohesive energy densities
of the polymer segments have a stronger influence on the solubility of a gas with low
condensability, e.g., methane. For a gas with low condensability, the solubility is mostly
determined by the energy required to form a molecular-scale gap in the polymer for a
gas molecule. As the condensability of the gas increases, this process starts to become
less dominant when determining the solubility. In P2533, the solubilities of the gases
increase systematically with the critical temperature, i.e., the condensability of the gases.
However, in P1500 and P4000, the solubilities of the hydrocarbons are not dependent only
on the condensability of the gases. While the solubility of paraffinic hydrocarbons increases
linearly, the olefinic hydrocarbons (i.e., ethene and propene) have higher solubility than
expected from their condensability. Considering the condensability of the gases, ethene is
expected to have a slightly lower solubility in the polymers than ethane, and propene is
expected to have a slightly lower solubility than propane. Figure 3 shows that in P1500
and P4000, the solubility of ethene is slightly higher than ethane while that of propene is
significantly higher than propane. Hence, the olefinic hydrocarbons have a specific affinity
towards the polymers, which the paraffinic hydrocarbons do not have. The specific affinity
originates from the polar ether oxygen of the polymers and the double bonded carbons
of the gases [34]. Since both PTMO and PEO contain ether oxygen, this observation leads
to a conjecture that the specific affinity between polyether and olefinic gases impacts the
solubility selectivity of the gases only when the cohesive energy between the polyether
segments is high enough.
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The diffusion of a gas molecule through the polymeric membranes consists of a
series of diffusive jumps. In a rubbery polymer, the diffusive jumps are facilitated by the
formation of transient free volumes. The segments of the rubbery polymers have sufficient
energy for chain rotation, translational motion and vibrational motion, which creates
transient free volumes and allows the gas molecules to jump from one site to another.
Hence, it is intuitive that cohesive energy density, combined with other factors, influences
the formation of the transient free volume in rubbery polymers. Due to the influence of
other factors (e.g., the chemical structure of the polymer), a high cohesive energy density
does not necessarily translate in low fractional free volume [29]. To examine diffusion,
it is equally important to consider the properties of gas molecules because the diffusive
jumps are a function of the size of the gases. There are several scaling parameters for
the size of a gas molecule, e.g., kinetic diameter and critical volume. Since most of the
hydrocarbons are non-spherical, critical volume is a more accurate scaling parameter than
kinetic diameter to compare the diffusion of the hydrocarbons [35–37]. For this reason,
in Figure 4, the diffusivities are plotted against the critical volumes of the hydrocarbons
(the critical volume values reported by Li et al. [38] are used). The diffusivities of the
hydrocarbons decrease with the increasing critical volume of the gases in P1500 and P4000,
which is not the case in P2533. The diffusion of the gases through the PTMO containing
P2533 does not vary significantly upon the change of the hydrocarbons’ size. Hence, the
higher cohesive energy density of the PEO segments leads to the size-sieving ability of
P1500 and P4000.
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Figure 4. Diffusivity of the gases in P2533, P1500 and P4000 vs. critical volume of the gases.

The influence of the crystallites’ presence on gas permeation behavior is often ex-
plained using a two-phase model originally proposed by Michaels et al. [39–41] for
polyethylene. The model assumes that due to the presence of impermeable crystallites,
the gas molecules have to follow a rather tortuous path. Moreover, the crystallites also
reduce the mobility of the neighboring amorphous segments. Thus, along with the content
of the amorphous fraction, it is necessary to consider a tortuosity factor, τ, and a chain
immobilization factor, β, to explain the gas permeation through semicrystalline polymers.
According to this model

Ps =
Pa

τβ
∅a (4)

Ss = Sa∅a (5)

Ds =
Da

τβ
(6)

where φa is the volume fraction of the amorphous phase in the polymer, Ps is the permeabil-
ity of a gas through a semicrystalline polymer, Pa is the permeability of a gas through a pure
amorphous polymer, Ss is the solubility coefficient of a gas in a semicrystalline polymer,
Sa is the solubility coefficient of a gas in a pure amorphous polymer, Ds is the diffusion
coefficient of a gas through a semicrystalline polymer, and Da is the diffusion coefficient of
the gas through a completely amorphous polymer. P4000 has lower solubilities due to the
lower amorphous PEO content than P1500 (Figure 3). The diffusivities of the hydrocarbons
through P4000 are also lower (Figure 4) than those through P1500. However, both polymers
show a similar trend of change in the diffusivities and solubilities of the hydrocarbons
as a function of critical volume and temperature, respectively. An accurate analysis of
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the impact of cohesive energy density and PEO crystallites is possible by comparing the
permselectivities, diffusion selectivities and solubility selectivities of the gas pairs.

Figures 5–7 show the contribution of the diffusion and solubility selectivities to the
permselectivities of paraffinic hydrocarbon pairs. All three polymers selectively permeate
the larger paraffinic hydrocarbons of the gas pairs due to the dominant solubility selectivity
over diffusion selectivity. For P2533, the diffusion selectivity of the paraffinic gas pairs is
in the range of 0.9–1.5. Since the diffusion selectivities are almost equal to one, P2533 has
almost no size-sieving ability, and the permselectivity is merely determined by the solubility
selectivity. However, that is not the case for P1500 and P4000. Both of these polymers
have substantially stronger solubility selectivities for the paraffinic hydrocarbon pairs
than those of P2533. For the gas pairs with significant differences, e.g., n-butane/methane
(Figure 6c) and propane/methane (Figure 6f), the solubility selectivities of P1500 and P4000
are 6–8 times higher than those of P2533. However, owing to the cohesive energy density of
the PEO blocks, since P1500 and P4000 have size-sieving abilities (i.e., smaller gases diffuse
faster), the diffusion selectivity values are far below one. The counteracting influence of the
faster diffusivities of smaller gases and the higher solubilities of larger gases in P1500 and
P4000 reduces the permselectivities of the paraffinic hydrocarbon pairs compared to those
of P2533. The permselectivities of n-butane over ethane (Figure 5d) and methane (Figure 6a)
are slightly higher for P4000 than those for P1500, which implies that the presence of PEO
crystallites leads to slightly higher permselectivities of these two gas pairs, originating from
solubility selectivities. The difference in the permselectivities and solubility selectivities
of P1500 and P4000 for the other paraffinic and olefinic/paraffinic hydrocarbon pairs are
relatively insignificant. The PEO crystallites significantly reduce the available surface
area for the dissolution of the gases. The significantly higher condensability of n-butane
over ethane and methane translates into a slight increase in the solubility selectivity in
the presence of the PEO crystallites. However, the trend of solubilities (Figure 3) and the
difference in solubility selectivities of all hydrocarbon pairs (Figures 5–8) in P1500 and
P4000 imply that the characteristic thermodynamic properties of the amorphous PEO of
these two polymers are similar. The PEO crystallites of P4000 do not impose sufficient
stress to alter the thermodynamic property of the amorphous PEO. The similar trend
of diffusivities (Figure 4) and the similar diffusion selectivities of all hydrocarbon pairs
(Figures 5–8) in P1500 and P4000 prove that the PEO crystallites do not alter the size-sieving
characteristics of the amorphous PEO part of P4000. From an energy consideration, the
chain immobilization factor, β (Equation (6)), is a function of the size of permeating gases.
The similar size-sieving ability of P1500 and P4000 implies that the chain immobilization
factor, β (Equation (6)), does not play a significant role in the diffusion of hydrocarbons
through P4000. The intercrystalline spaces of P4000 are sufficiently larger than the critical
volume of n-butane (i.e., the largest hydrocarbon used in this study), which makes β
relatively insignificant for the gases’ diffusion. The crystallites of PEO contribute to the
tortuosity factor, τ (Equation (6)), only. As the hydrocarbons have to follow a long, tortuous
path due to the presence of the PEO crystallites, the diffusivities through P4000 are lower
than those through P1500.
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4. Conclusions

The detailed investigation of gas permeation through the three commercial multiblock
copolymers P2533, P1500 and P4000 demonstrates that for the separation of paraffinic
hydrocarbons, the multiblock copolymers with PTMO segments are better membrane
materials compared to those containing PEO segments. The lower cohesive energy den-
sity of the PTMO containing polymer leads to higher permeability and permselectivity
of the paraffinic hydrocarbons. Due to the lower cohesive energy density, the PTMO
containing polymer facilitates the dissolution of the hydrocarbons, while the diffusion
of the hydrocarbons through the polymer is almost independent of the size of the gases.
Under these circumstances, the solubility selectivity determines the overall permselectivity
for the PTMO containing polymer. The higher cohesive energy density not only lowers
the permeability of hydrocarbons but also imparts a size-sieving property in the PEO
containing polymers. The size-sieving property counteracts the solubility selectivity and
lowers the permselectivity of the PEO-containing polymers. However, the PEO containing
polymers are an ideal choice for olefin/paraffin separation. The PEO-containing polymers
allow the selective permeation of olefins over paraffins due to higher solubility, which
stems from the specific affinity of the polar ether oxygen towards the double bonds of

106



Polymers 2021, 13, 4181

olefins. The polymer’s size-sieving ability remains unchanged in the presence of PEO
crystallites because the intercrystalline space is large enough to allow permeation of the
hydrocarbons. The presence of PEO crystallites causes a slight permselectivity improve-
ment for the n-butane/methane and the n-butane/ethane gas pairs due to higher solubility
selectivity. However, considering the loss of permeability, the presence of impermeable
PEO crystallites in the membrane is undesirable for hydrocarbon separation.
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Abstract: The morphology and crystallization behavior of two triblock terpolymers of polymethylene,
equivalent to polyethylene (PE), poly (ethylene oxide) (PEO), and poly (ε-caprolactone) (PCL) are
studied: PE22

7.1-b-PEO46
15.1-b-PCL32

10.4 (T1) and PE37
9.5-b-PEO34

8.8-b-PCL29
7.6 (T2) (superscripts

give number average molecular weights in kg/mol and subscripts composition in wt %). The three
blocks are potentially crystallizable, and the triple crystalline nature of the samples is investigated.
Polyhomologation (C1 polymerization), ring-opening polymerization, and catalyst-switch strategies
were combined to synthesize the triblock terpolymers. In addition, the corresponding PE-b-PEO
diblock copolymers and PE homopolymers were also analyzed. The crystallization sequence of the
blocks was determined via three independent but complementary techniques: differential scanning
calorimetry (DSC), in situ SAXS/WAXS (small angle X-ray scattering/wide angle X-ray scattering),
and polarized light optical microscopy (PLOM). The two terpolymers (T1 and T2) are weakly phase
segregated in the melt according to SAXS. DSC and WAXS results demonstrate that in both triblock
terpolymers the crystallization process starts with the PE block, continues with the PCL block, and
ends with the PEO block. Hence triple crystalline materials are obtained. The crystallization of the
PCL and the PEO block is coincident (i.e., it overlaps); however, WAXS and PLOM experiments can
identify both transitions. In addition, PLOM shows a spherulitic morphology for the PE homopoly-
mer and the T1 precursor diblock copolymer, while the other systems appear as non-spherulitic or
microspherulitic at the last stage of the crystallization process. The complicated crystallization of
tricrystalline triblock terpolymers can only be fully grasped when DSC, WAXS, and PLOM experi-
ments are combined. This knowledge is fundamental to tailor the properties of these complex but
fascinating materials.

Keywords: triblock terpolymers; polyethylene (PE); poly(ethylene oxide) (PEO); poly(ε-caprolactone)
(PCL); tricrystalline spherulites

1. Introduction

Crystallization in block copolymers is a subject widely studied in the past decades [1–11].
It is vital to understand the morphology upon crystallization since it is directly related to
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the final properties of a material. Many applications can take advantage of these materials
due to the different chemical nature of the segments that form a block copolymer [9,12–14].
In addition, many other factors such as composition, molecular weight, crystallization
protocol, segregation strength, and block miscibility affect the crystallization behavior. As
different morphologies can be developed, the final performance of the materials can be
tuned by varying these factors [2,4,7,9,11,15–18].

AB-type diblock copolymers with one or two crystallizable blocks have been studied
in the past few decades. Among medium or strongly segregated systems, the diblock
copolymer PE-b-PLLA [18–24] is a well-known system. Müller et al. [19–21] reported
strong segregation strength for these diblock copolymers and a lamellar morphology for
compositions close to 50/50. Therefore, they did not see any spherulitic-type morphology
as expected. When the content of PLLA in the diblock is between 89 and 96%, then
spherulitic morphologies have been reported in the literature, as PLLA conforms the
matrix phase [25]. The overall crystallization rate of both PLLA block and PE block in
the diblock copolymers [19–21] was slower than that of the corresponding PLLA and PE
homopolymers. In addition, coincident crystallization occurs, since the crystallization
transitions of the PE block and the PLLA block overlap employing cooling rates higher
than 2 ◦C/min.

Other double crystalline diblock copolymers show miscible or weakly segregated
behaviors, and several studies have been reported about the crystallization process of
these systems [7,26–33], although the most relevant ones are: PEO-b-PCL [7,34–51], PEO-b-
PLLA [52–65], and PCL-b-PLA [29,30,32,66–74], because of their possible applications in the
biomedical field due to the biodegradable and biocompatible nature of the blocks [14,75–78].
Additionally, some ABA-type systems have also been analyzed, such as PBT-b-PEO-b-
PBT [79], PEO-b-PEB-b-PEO [80], or PLLA-b-PVDF-b-PLLA [81], for instance. The addition
of a third potentially crystallizable block to diblock copolymers results in a more com-
plex analysis of the crystallization behavior. Few studies have been published about
tricrystalline triblock terpolymers, such as ABC-type triblock terpolymers and ABCBA
pentablock terpolymers, including the apolar PE block, and the polar PEO, PCL, and PLLA
blocks [17,24,37,42,82–96].

Palacios et al. studied the crystallization and morphology of ABC triblock terpolymers
with three crystallizable blocks: PEO, PCL, and PLLA [92–95]. They [92] highlighted the
triple crystalline nature of the PEO-b-PCL-b-PLLA triblock terpolymer, with the three dif-
ferent blocks crystallizing independently upon cooling from the melt. Even when changing
the PLLA content, crystallization of the blocks follows this sequence: the PLLA block first,
the PCL block second, and finally the PEO block. Melt miscibility of the three blocks was
confirmed by SAXS. In addition, PLOM experiments showed that the first crystallized
PLLA block determines the final morphology since the PCL block and the PEO block
crystallized within the interlamellar regions of the PLLA templated spherulites, main-
taining the superstructure determined by the PLLA block and forming triple crystalline
spherulites. The crystallization of the PCL and the PEO blocks was evidenced by a change
in the birefringence. There are several examples of confined crystallization of one block
within the lamellae of another previously crystallized block [1,7,97,98].

Furthermore, by SAXS and AFM experiments, Palacios et al. [94] were able to identify
a trilamellar self-assembly with lamellae of the three blocks at room temperature. Based
on extensive observations and SAXS simulations, they proposed an alternation of single
lamellae of PEO or PCL in between two PLLA lamellae. Very few reports have been
published about the crystalline morphology in AB diblock copolymers and ABC triblock
terpolymers from the melt by in situ AFM, and only two blocks crystallized in those
samples [99,100]. Palacios et al. [17] analyzed by in situ hot-stage AFM the evolution of
the trilamellar morphology upon melting of the PEO-b-PCL-b-PLLA triblock terpolymer.
Three different lamellar populations were detected at different temperatures; the melting
of each of the populations gives information about the corresponding block: the thinnest
lamellae corresponded to the PEO block (the first block to melt at 45 ◦C), the medium size
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lamellae to the PCL block (melted at 60 ◦C), and the thickest lamellae to the highest melting
temperature block, i.e., PLLA.

Still, few works have been published using the apolar PE block as one of the crystalliz-
able blocks in triblock terpolymers. Müller et al. [96] analyzed the crystalline behavior and
morphology of PE-b-PEO-b-PLLA and PE-b-PCL-b-PLLA triblock terpolymers employing
different cooling rates. DSC, WAXS, and PLOM techniques were used to confirm the
triple crystalline character of the copolymers. They concluded that there is no change in
the sequential crystallization for the PE21

2.6-b-PEO32
4.0-b-PLLA47

5.9 triblock terpolymer
using 1 or 20 ◦C/min, since the sequence remains the following: the PE block crystallizes
first, then the PLLA block, and finally the PEO block. However, the crystallization se-
quence changed in the PE21

7.1-b-PCL12
4.2-b-PLLA67

23.0 triblock terpolymer, since when
using 20 ◦C/min as cooling rate, the crystallization begins with the PE block. In contrast,
at 1 ◦C/min the PLLA is the first block to crystallize. PLOM experiments showed that this
variation in the crystallization sequence affects the final morphology, so the cooling rate is
a factor that can be used to tune the final properties.

In the present work, the triple crystalline nature of PE-b-PEO-b-PCL triblock ter-
polymers is analyzed, varying molecular weight and block content. The corresponding
PE-b-PEO diblock copolymers and PE homopolymers are also investigated. Samples were
synthesized by combining polyhomologation and catalyst-switch strategies. We study
the influence of molecular weight and block composition on the crystallization of these
triblock terpolymers, consisting in an apolar (PE) and two polar blocks, PEO (biocom-
patible) and PCL (biodegradable). The study employs differential scanning calorimetry
(DSC), in situ small-angle and wide-angle X-ray scattering (SAXS/WAXS), and polarized
light optical microscopy (PLOM). Understanding the crystalline behavior and the anal-
ysis of the morphology is essential to tune crystallinity and obtain novel materials with
enhanced properties.

2. Materials and Methods
2.1. Materials

All reagents used for the synthesis of the triblock terpolymers were purchased from
Merck KGaA (Darmstadt, Germany). Two different “catalyst switch” strategies were
used in the synthesis of the tricrystalline terpolymers poly (ethylene)-b-poly (ethylene
oxide)-b-poly (ε-caprolactone) (PE-b-PEO-b-PCL). First, the polyhomologation of dimethyl-
sulfoxonium methylide was performed to synthesize a hydroxyl-terminated polyethylene
(PE-OH) macroinitiator [101]. Then, the strong phospazene base t-BuP4 was employed
as the catalyst to promote the ring-opening polymerization (ROP) of ethylene oxide (EO)
to obtain PE-b-PEO, followed by the addition of diphenyl phosphate (DPP) to neutralize
t-BuP4. For the ROP of ε-caprolactone (CL), two different catalysts were used, Sn(Oct)2 for
T1 (organic/metal catalyst-switch), and phosphazene base t-BuP2 for T2 (organic/organic
catalyst-switch). These catalyst switch-strategies were applied to avoid as many possible
side-reactions during the ROP of CL in toluene at 80 ◦C (Scheme 1) [102].

Table 1 shows the molecular weights of each of the blocks of the synthesized triblock
terpolymers. The subscript numbers represent composition in wt %, and superscripts
indicate Mn values of each block in kg/mol. The polyethylene block precursors are not 100%
linear because of possible side reactions and monomer purity issues. NMR measurements
indicate that the PE block of T1 (see Table 1) contains 0.32% propyl side groups and 3%
methyl groups, and that of T2 contains 0.45% propyl side groups and 2% methyl groups.
Different melting points are obtained because of this variation in microstructure, since
the Tm value of PE7.1 is 129.7 ◦C, while that of PE9.5 is 117 ◦C (see Table S3), as the latter
contains a higher amount of short-chain branches.
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a

PE7.1 7100 - - 1.32
PE32

7.1-b-PEO68
15.1 7100 15,100 - <1.3

PE22
7.1-b-PEO46

15.1-b-PCL32
10.4 (T1) 7100 15,100 10,400 <1.3

PE9.5 9500 - - 1.28
PE52

9.5-b-PEO48
8.8 9500 8800 - <1.3

PE37
9.5-b-PEO34

8.8-b-PCL29
7.6 (T2) 9500 8800 7600 <1.3

a In the case of PEO-containing polymers, the polydispersity values are not correct since PEO is adsorbed by the
columns used in high-temperature GPC. Using a soluble in THF terpolymer (low molecular weight PE) we were
able to prove that
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of the terpolymers is below 1.3 (for more details see our Ref. [103]).

The formation of double crystalline copolymers and triple crystalline terpolymers was
confirmed by differential scanning calorimetry (DSC), polarized light optical microscopy
(PLOM), and X-ray diffraction (SAXS/WAXS).

2.2. Methods
2.2.1. Differential Scanning Calorimetry (DSC)

Non-isothermal DSC experiments were carried out with a Perkin Elmer DSC Pyris 1
(Perkin Elmer, Norwalk, USA) equipped with a refrigerated cooling system (Intracooler
2P). Indium and tin standards were used for the calibration of the equipment. Aluminum
pans with about 3 mg of sample were tested using ultra-high quality nitrogen atmosphere.

A temperature range between 0 and 160 ◦C and 20 ◦C/min as cooling and heating rates
were employed in non-isothermal DSC experiments. The samples are kept for 3 min 30 ◦C
above the peak melting temperature of the block showing the highest melting temperature
to erase the thermal history of the samples. They are then cooled down at 20 ◦C/min
keeping them 1 min at low temperatures, and finally heating up also at 20 ◦C/min until
the block at the highest temperature melts.

2.2.2. Small-Angle and Wide-Angle X-ray Scattering (SAXS/WAXS)

Simultaneous in situ small-angle X-ray scattering (SAXS) and wide-angle X-ray scat-
tering (WAXS) experiments were performed at the ALBA Synchrotron facility in Barcelona
(Barcelona, Spain), beamline BL11-NCD. A Linkam THMS600 (Linkam, Surrey, UK) hot
stage coupled to a liquid nitrogen cooling system was used to cool and heat the samples,
which were previously placed into glassy capillaries. The same thermal protocol adopted
in the non-isothermal DSC experiments was used to get the SAXS/WAXS patterns, in
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which crystallization and melting of the samples are followed, thus obtaining comparable
results by the two different techniques.

The X-ray energy source was 12.4 keV (λ = 1.03 Å). For the SAXS setup, the distance
between the sample and the detector (ADSC Q315r detector, Poway, CA, USA, with a
resolution of 3070 × 3070 pixels, pixel size of 102 µm2) was 6463 mm with a tilt angle
of 0◦. Calibration was performed with silver behenate. Regarding WAXS configuration,
a distance of 132.6 mm was used between the sample and the detector, with a tilt angle
of 21.2◦. Chromium (III) oxide (Rayonix LX255-HS detector, Evanston, IL, USA, with
a resolution of 1920 × 5760 pixels, pixel size of 44 µm2) was employed for calibration.
Scattering intensity as a function of scattering vector, q = 4πsinθλ−1 data are obtained,
where λ is the X-ray wavelength, and 2θ is the scattering angle.

2.2.3. Polarized Light Optical Microscopy (PLOM)

An Olympus BX51 polarized light optical microscope (Olympus, Tokyo, Japan) was
used to follow the morphological changes occurring within the samples while cooled
and heated at a constant rate of 20 ◦C/min. For accurate temperature control, a Linkam
THMS600 (Linkam, Surrey, UK) hot stage with liquid nitrogen was used. Micrographs
were recorded by an Olympus SC50 camera (Olympus, Tokyo, Japan). First, a glass slide in
which samples are melted is used, with a glass coverslip, and then, 20 ◦C/min as cooling
and heating rates are employed. Morphological variations that occur during the application
of this constant rate are recorded as micrographs in which crystallization and melting of
each of the blocks can be followed.

Furthermore, the software ImageJ [103] was used to analyze the micrographs by
measuring transmitted light intensities. The increase in light intensity detected refers to
the increase in crystal content of a certain sample since crystallization of one component
has started. Crystallization of this component can be followed by the increase in inten-
sity by decreasing temperature, and the temperature range at which crystallization of a
specific block occurs can be determined. In order to detect intensity changes, the whole
micrographs are considered as “region of interest”. Thus, all superstructures that can be
formed during the cooling scans contribute to this analysis. So, the entire crystallization
process is followed by analyzing intensity changes as a function of temperature, and the
crystallization temperature of a particular block of the diblock copolymers and triblock
terpolymers can be determined.

3. Results and Discussion
3.1. Small-Angle X-ray Scattering (SAXS)

SAXS measurements are useful to study not only the phase segregation in the melt
but also if the phase segregation is kept when the block components crystallize or if
crystallization destroys it by breaking out the phase structure of the melt. Figure 1 shows the
SAXS patterns of the homopolymer PE7.1, the diblock copolymer PE32

7.1-b-PEO68
15.1, and

the triblock terpolymer PE22
7.1-b-PEO46

15.1-b-PCL32
10.4 (T1) upon cooling from the melt.

For the homopolymer PE7.1 and the diblock copolymer PE32
7.1-b-PEO68

15.1 (Figure 1a,b),
there is no phase segregation in the melt, as evidenced by the lack of scattering peaks in
the molten state. The broad peak that appears at lower temperatures corresponds to the
diffraction from crystalline lamellar stacks in the formed superstructures (i.e., spherulites
or axialites).
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Figure 1. SAXS ramp down patterns at 20 ◦C/min for (a) PE7.1, (b) PE32
7.1-b-PEO68

15.1, and (c) PE22
7.1-b-PEO46

15.1-b-
PCL32

10.4 (T1) at the indicated temperatures.

However, there is weak phase segregation for the PE22
7.1-b-PEO46

15.1-b-PCL32
10.4 (T1)

triblock terpolymer (Figure 1c) since there is a broad scattering peak in the melt, which
disappears as crystallization breaks out when the first block upon cooling from the melt
starts to crystallize (i.e., the PE block). This behavior is evidenced by the shift in q values
between the reflection in the melt and the weaker reflection at room temperature, which
appears at lower q values. The broad peak at room temperature corresponds to the average
long period of the lamellae formed during the crystallization process because the phase
structure established by phase segregation in the melt was destroyed by the break-out.

Figure 2 shows SAXS patterns of the homopolymer PE9.5, the diblock copolymer
PE52

9.5-b-PEO48
8.81, and the triblock terpolymer PE37

9.5-b-PEO34
8.8-b-PCL29

7.6 (T2) at the
indicated temperatures reached upon cooling. In this case, the behavior of the homopoly-
mer PE9.5 (Figure 2a) is the same as for the homopolymer PE7.1 (Figure 1a) explained above,
not showing any phase segregation in the melt, as expected for a homopolymer.

The diblock copolymer PE52
9.5-b-PEO48

8.81 (Figure 2b) and the triblock terpolymer
PE37

9.5-b-PEO34
8.8-b-PCL29

7.6 (T2) (Figure 2c) are phase segregated in the melt, with pos-
sible lamellar and interpenetrated morphologies, respectively, although more detailed
analysis of the scattering curves would be needed to ascertain the exact melt morphology.
The clear scattering peaks in the molten state in these two materials corroborate the phase
segregation behavior; however, their phase segregation is weak, since when the first block
crystallizes upon cooling, i.e., the PE block at 100 ◦C, the phase structure is destroyed, the
one generated by phase segregation in the melt, as deduced by the change in q values and
intensities of the scattering peaks.
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8.8-b-PCL29
7.6

(T2) at the indicated temperatures.

One way to predict the segregation strength in linear diblock copolymers is by multi-
plying the Flory-Huggins interaction parameter (χ) (evaluated at the interest temperature
in the melt) by N (the total degree of polymerization). The estimation becomes more
difficult in the case of triblock terpolymers. Different behaviors can be predicted depending
on the segregation strength values. Values equal or lower to 10 indicates miscibility in
the melt, between 10 and 30 weak phase segregation, between 30 and 50 intermediate
segregation, and if values are higher than 50, the systems are strongly segregated. A rough
approximation for each pair of blocks is reported in Table S1 (see Supporting Information),
using the solubility parameters of PE, PEO, and PCL from the literature [60,104]. In this
case, the predicted values suggest that at least the diblock copolymers should be strongly
segregated, but the experimental SAXS findings indicate miscibility for PE32

7.1-b-PEO68
15.1

and weak segregation for the PE52
9.5-b-PEO48

8.8.
As the dominant behavior during crystallization is that of break out, the final morphol-

ogy is that of crystalline lamellae arranged in superstructures like axialites or spherulites.
Therefore, we will not explore in detail the morphology of the materials in the melt, as it is
destroyed upon crystallization.

3.2. Non-Isothermal Crystallization by DSC

DSC cooling and heating scans of the homopolymers, diblock copolymers, and triblock
terpolymers of the two systems (Table 1) are discussed in this section. In addition, all data
obtained are collected in Tables S2–S4 (Supporting Information).

Figure 3 shows the cooling (A) and heating (B) DSC scans for the PE7.1 homopolymer,
PE32

7.1-b-PEO68
15.1 diblock copolymer, and PE22

7.1-b-PEO46
15.1-b-PCL32

10.4 (T1) triblock
terpolymer. The crystallization peak of each block (Tc) has been assigned using WAXS data
collected under identical conditions at the synchrotron (shown and described below). The
same color code is used throughout this work to highlight the crystallization and melting
of the different blocks (blue for PCL, red for PEO, and violet for PE). The sharp exotherm
(Figure 3A(a)) and subsequent endotherm (Figure 3B(a)) of the neat PE7.1 precursor is a
consequence of its linear character (synthesized by polyhomologation).
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Figure 3. DSC scans at 20 ◦C/min for (a) PE7.1, (b) PE32
7.1-b-PEO68

15.1, and (c) PE22
7.1-b-PEO46

15.1-
b-PCL32

10.4 (T1) of (A) cooling from the melt, with a close-up to notice the very first crystalliza-
tion exotherm of the PE block and (B) subsequent heating with arrows indicating transitions for
each block.

In the PE32
7.1-b-PEO68

15.1 diblock copolymer, PE (violet arrow) is the first block crys-
tallizing upon cooling from the melt, and then the crystallization of the PEO block (red
arrow) occurs (Figure 3Ab). The crystallization of the PE block does not occur in a unique
step since three exothermic crystallization peaks appear for the PE block crystallization: at
118 ◦C, 82 ◦C, and 79 ◦C. This evidences that the PE block crystallizes in a fractionated way,
which means that several crystallization exotherms appear at lower temperatures instead
of a single crystallization exotherm corresponding to the PE block’s bulk crystallization
temperature. Note that as shown in Figure 1b, this diblock copolymer shows miscibility in
the melt, and as crystallization occurs from a homogeneous melt, as well as only having
32 wt % of PE block content and a relatively low molecular weight, the crystallization of
the PE block is somehow hindered, as evidenced by its crystallization enthalpy value of
22 J/g (Table S2). However, the sharp crystallization exotherm of the PEO block and the
high block content (68 wt %) suggest its high crystallization ability, as the enthalpy for the
PEO is 177 J/g (Table S2).

The crystallization in the PE22
7.1-b-PEO46

15.1-b-PCL32
10.4 (T1) triblock terpolymer

(Figure 3A(c)) starts with the PE block (violet arrow). In this case, the PE block content is
low (22 wt %), and a very small crystallization exotherm is observed in the cooling scan
(14 J/g) (Table S2). Crystallization continues with the PCL block (blue arrow) and the PEO
block (red arrow). Although the crystallization peaks of the PEO and the PCL blocks are
overlapped, WAXS results below demonstrate that the PCL block crystallizes some degrees
above the PEO block (Figure 5c). As we are not able to distinguish between both transitions,
an estimation of the crystallization enthalpies is reported in Table S2 by employing block
content for the calculations.

Figure 3B shows the subsequent heating scans with the endothermic melting peaks
(Tm) for each sample; data are collected in Table S3. The homopolymer PE7.1 (Figure 3B(a))
shows a crystallinity value of 75% (Table S4), as expected, observing the sharp melting
transition. For the diblock copolymer (Figure 3B(b)), melting starts with the PEO block
(red) with a crystallinity value of 85%; and it continues with the PE block melting (violet),
with a crystallinity value of only 7% (Table S4), because as previously mentioned, small
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block content and cooling from a homogenous melt are not the best scenarios to enhance
crystallization. The overlapped melting peak at the lowest temperature for the triblock
terpolymer (Figure 3B(c)) corresponds to the PEO (red) and the PCL (blue) blocks (an
estimation of the crystallinity values is provided in Table S4), whereas the melting at the
highest temperatures occurs for the PE block crystals, although its crystallinity degree is
only 5% (Table S4) of its 32 wt % block content in the terpolymer.

Figure 4 shows the cooling and heating scans of the PE9.5 homopolymer, the PE52
9.5-b-

PEO48
8.8 diblock copolymer, and the PE37

9.5-b-PEO34
8.8-b-PCL29

7.6 (T2) triblock terpolymer.
The crystallization and melting transitions of the blocks in these samples (Figure 4A(c)–B(c))
follow the same trend described before in Figure 3, but with some differences due to the
phase behavior of the materials.
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The crystallization of PE9.5 homopolymer (Figure 4A(a)) occurs in a single and sharp
transition. For the PE52

9.5-b-PEO48
8.8 diblock copolymer (Figure 4A(b)), the crystallization

of the PE block (violet) occurs at high temperatures, followed by the crystallization of the
PEO block (red) at lower temperatures. Note that the PE block crystallizes in a unique
crystallization step in this diblock copolymer, not in a fractionated way as in the previous
diblock copolymer discussed before (Figure 3A(b)). The difference remains in the phase
behavior in the melt, on the one hand, since this diblock copolymer shows weak phase
segregation (as evidenced by SAXS experiments shown in Figure 2b), and the fact of being
segregated in the melt enhances the crystallization ability of the PE block. In addition, the
PE block content is higher in this copolymer (52 wt %) with a higher molecular weight
(9500 vs. 7100 g/mol). So, higher PE content and cooling from a segregated melt, do not
largely hinder its crystallization, showing a crystallization enthalpy of 81 J/g (Table S2).

The crystallization sequence in the PE37
9.5-b-PEO34

8.8-b-PCL29
7.6 (T2) triblock terpoly-

mer is the same as the one explained in the previous triblock terpolymer (T1) (Figure 3A(c)):
first the PE block (violet), and then the PCL (blue) and PEO (red) blocks. Although, also in
this case, there is an overlap of the crystallization peaks of the PCL and PEO blocks, WAXS
measurements show () that the PEO block crystallizes a few degrees lower than the PCL
block; and estimations of the enthalpies are provided in Table S2.
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The subsequent heating scans are shown in Figure 4B. The homopolymer PE9.5 in
Figure 4B(a) shows a clear melting transition and a crystallinity value of 55% (Table S4).
In the case of the PE52

9.5 -b- PEO48
8.8 diblock copolymer (Figure 4B(b)), the melting starts

with the PEO block (red) and ends with the PE block (violet). As previously mentioned,
segregation in the melt and higher PE content enhance its crystallization, and thus, a clear
and sharp melting transition with a crystallinity value of 27% is obtained (Table S4). Finally,
the PE37

9.5-b-PEO34
8.8-b-PCL29

7.6 (T2) triblock terpolymer follows the same trend as in the
triblock terpolymer T1 (Figure 3B(c)): melting of the PEO (red) and PCL (blue) blocks
occur with a difference of some degrees, although not enough to distinguish between both
DSC melting transitions (demonstrated by WAXS experiments in Figures S3(c)–S4(c)); and
melting of the PE block showing a higher crystallinity degree (44%) (Table S3).

3.3. In Situ Wide Angle X-ray Scattering (WAXS) Real-Time Synchrotron Results

The crystallization of each block in the WAXS patterns is identified by analyzing
the crystal planes indexing for the PE, PCL, and PEO blocks reported in
Table S5 [29,32,38,60,64,66,92,105,106]. In addition, normalized intensity measurements
as a function of temperature upon cooling from the melt (at 20 ◦C/min) are provided,
confirming the samples’ double and triple crystalline nature.

As shown in Figure 5, all blocks are able to crystallize, as demonstrated by the presence
of their characteristic scattering peaks at certain q values, pointed out with the colors we
are employing throughout the whole work.

The PE7.1 homopolymer crystallization starts at 118 ◦C (Figure 5a), as its characteristic
scattering peak at 15.4 nm−1 (violet arrow) corresponding to the (110) crystallographic
plane appears at this temperature. Cooling down the sample, at 16.9 nm−1, the other
scattering peak of the (200) plane confirms PE crystallization. In addition, the normal-
ized WAXS intensity calculation as a function of temperature for the PE110 (15.4 nm−1)
reflection in Figure 6a confirms the crystallization of the PE block by the sharp increase of
the intensity.
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Figure 5. WAXS patterns upon cooling from the melt at 20 ◦C/min for (a) PE7.1, (b) PE32
7.1-b-

PEO68
15.1, and (c) PE22

7.1-b-PEO46
15.1-b-PCL32

10.4 (T1) at different temperatures with colored arrows
indicating crystallization of each block and the (hkl) planes.

Figure 5b shows that the first block to crystallize, during cooling from the melt, in
the PE32

7.1-b-PEO68
15.1 diblock copolymer is PE at 118 ◦C (violet arrows) with its scat-

tering peaks at 15.4 and 16.9 nm−1 (reflections (110) and (200), respectively). At lower
temperatures, 34 ◦C, the PEO block (red arrows) starts to crystallize with its (120) and
(032)/(112)/(132)/(212) reflections at 13.8 and 16.4 nm−1, respectively. Although the crys-
tallization of these two blocks is clear, the normalized WAXS intensities calculated in
Figure 6b, show this sequential crystallization by analyzing separately the unique scat-
tering peaks of the PEO120 (13.8 nm−1) and the PE110 (15.4 nm−1). At high temperatures,
the intensity starts to increase at 118 ◦C due to PE crystallization, and the second increase
at 82 ◦C also corresponds to PE, because as reported in Figure 3A(b), PE crystallizes in
two steps.

Figure 5c corresponds to the PE22
7.1-b-PEO46

15.1-b-PCL32
10.4 (T1) triblock terpolymer.

In this case, the crystallization sequence starts with the PE crystallization (violet arrows),
as evidenced by the PE110 reflection at 82 ◦C and the PE200 reflection at 70 ◦C. One may
find this crystallization temperature low for the PE block, but as discussed previously in
Figure 3A(c), the PE content is low (22 wt %) and the crystallization enthalpy is 14 J/g.
The next block that crystallizes is the PCL block (blue arrows). At 42 ◦C, the PCL110
(15.5 nm−1), PCL111 (15.6 nm−1), and PCL200 (16.7 nm−1) reflections prove the presence
of PCL block crystals. The last block to crystallize upon cooling from the melt is the PEO
block (red arrows). The presence of its scattering peak at 13.8 nm−1 corresponding to the
(120) crystallographic plane at 32 ◦C confirms the crystallization. At lower temperatures,
the other characteristic peak of PEO (16.4 nm−1) appears at 30 ◦C corresponding to the
(032/112/132/212) plane (Figure 5c).
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Figure 6. Normalized WAXS intensities as a function of temperature calculated from WAXS data rep-
resented in Figure 5 for (a) PE7.1 (PE110 (15.4 nm−1)), (b) PE32

7.1-b-PEO68
15.1 (PE110 (15.4 nm−1) and

PEO120 (13.8 nm−1)), and (c) PE22
7.1-b-PEO46

15.1-b-PCL32
10.4 (PEO120 (13.8 nm−1), PE110 (15.4 nm−1)

and PCL110 (15.5 nm−1)) with colored data points and lines indicating crystallization of the corre-
sponding blocks. Empty data points correspond to the molten state.

The normalized intensities are analyzed to detect the exact temperature at which each
of the blocks crystallizes (Figure 6c). The joint reflections of PE110 (15.4 nm−1) and PCL110
(15.5 nm−1) are used to determine their crystallization temperature ranges. The first slight
change in intensity at 82 ◦C confirms PE crystallization (violet), barely noticeable due to
the low content of the PE block in the terpolymer (22 wt %). Then, the sharp increase at
42 ◦C indicates the crystallization of the PCL block (blue). The single PEO120 (13.8 nm−1)
reflection (along with the other PE and PCL reflections) confirms its crystallization by a
sharp increase in intensity.
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Similarly, in Figures 7 and 8, WAXS patterns upon cooling the melt (at 20 ◦C/min)
and the normalized intensity measurements confirm crystallization of all blocks in the
other set of samples listed in Table 1: the homopolymer PE9.5, the diblock copolymer
PE52

9.5-b-PEO48
8.8, and the triblock terpolymer PE37

9.5-b-PEO34
8.8-b-PCL29

7.6 (T2).

Polymers 2021, 13, x FOR PEER REVIEW 12 of 23 
 

 

PCL110 (15.5 nm−1)) with colored data points and lines indicating crystallization of the correspond-
ing blocks. Empty data points correspond to the molten state. 

Similarly, in Figures 7 and 8, WAXS patterns upon cooling the melt (at 20 °C/min) 
and the normalized intensity measurements confirm crystallization of all blocks in the 
other set of samples listed in Table 1: the homopolymer PE9.5, the diblock copolymer 
PE529.5-b-PEO488.8, and the triblock terpolymer PE37 9.5-b-PEO348.8-b-PCL297.6 (T2). 

In this case, Figure 7a shows that the crystallization of the homopolymer PE9.5 starts 
at 112 °C (PE110 at 15.4 nm−1), and the second scattering peak appears at 100 °C, PE200 (16.9 
nm−1) (see violet arrows). Figure 8a shows the broad temperature range at which PE crys-
tallizes since a plateau is not reached until approximately 60 °C, determining this way that 
PE crystallizes in between 112 and 60 °C. 

Continuing with Figure 7b, the first reflection at 103 °C ((110) reflection at 15.4 nm−1) 
corresponds to the PE block, along with the (200) reflection (16.9 nm−1) at 100 °C (see violet 
arrows). The second block to crystallize in this diblock copolymer at 39 °C is the PEO block 
(red arrows), identified due to the presence of the (120) reflection at 13.8 nm−1 and 
((032)/(112)/(132)/(212) reflections at 16.4 nm−1. Once again, normalized intensities in Fig-
ure 8b confirm the temperature ranges at which both the PE and the PEO blocks start to 
crystallize due to the sharp increase in the intensity of the corresponding peaks. 

To conclude, Figure 7c shows the WAXS patterns for the PE37 9.5-b-PEO348.8-b PCL297.6 
(T2) triblock terpolymer. The crystallization sequence remains the same as in the previous 
triblock terpolymer discussed above (Figure 5c): the PE block first (violet arrows) at 110 
°C ((110) and (200) reflections at 15.4 and 16.9 nm−1); then the PCL block (blue arrows) at 
46 °C ((110) and (200) reflections at 15.5 and 16.7 nm−1); and finally, the PEO block (red 
arrows) at 34 °C ((120) and (032)/(112)/(132)/(212) reflections at 13.8 and 16.4 nm−1). In ad-
dition, the normalized intensities shown in Figure 8c demonstrate the crystallization of 
the three blocks by analyzing the joint reflection that the three blocks show at q values 
between 16.4 and 16.9 nm−1. Note that as the PE content is higher in this triblock terpoly-
mer (T2) (37 wt % vs. 22 wt %), the increase in intensity is clearer than in the previous 
triblock terpolymer (T1), in which it was very low (Figure 6c). 

 

Polymers 2021, 13, x FOR PEER REVIEW 13 of 23 
 

 

 
Figure 7. WAXS patterns upon cooling from the melt at 20 °C/min for (a) PE9.5, (b) PE529.5-b-PEO488.8, 
and (c) PE37 9.5-b-PEO348.8-b-PCL297.6 (T2) at different temperatures with colored arrows indicating 
crystallization of each block and (hkl) planes. 

 
Figure 8. Normalized WAXS intensities as a function of temperature calculated from WAXS data 
represented in Figure 7 for (a) PE9.5 (PE110 (15.4 nm−1)), (b) PE529.5-b-PEO488.8 (PE110 (15.4 nm−1) and 
PEO120 (13.8 nm−1)), and (c) PE37 9.5-b-PEO348.8-b-PCL297.6 (PE200 (16.9 nm−1), (PCL1200 (16.7nm−1) and 

Figure 7. WAXS patterns upon cooling from the melt at 20 ◦C/min for (a) PE9.5, (b) PE52
9.5-b-PEO48

8.8,
and (c) PE37

9.5-b-PEO34
8.8-b-PCL29

7.6 (T2) at different temperatures with colored arrows indicating
crystallization of each block and (hkl) planes.
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In this case, Figure 7a shows that the crystallization of the homopolymer PE9.5 starts
at 112 ◦C (PE110 at 15.4 nm−1), and the second scattering peak appears at 100 ◦C, PE200
(16.9 nm−1) (see violet arrows). Figure 8a shows the broad temperature range at which PE
crystallizes since a plateau is not reached until approximately 60 ◦C, determining this way
that PE crystallizes in between 112 and 60 ◦C.

Continuing with Figure 7b, the first reflection at 103 ◦C ((110) reflection at 15.4 nm−1)
corresponds to the PE block, along with the (200) reflection (16.9 nm−1) at 100 ◦C (see violet
arrows). The second block to crystallize in this diblock copolymer at 39 ◦C is the PEO
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block (red arrows), identified due to the presence of the (120) reflection at 13.8 nm−1 and
((032)/(112)/(132)/(212) reflections at 16.4 nm−1. Once again, normalized intensities in
Figure 8b confirm the temperature ranges at which both the PE and the PEO blocks start to
crystallize due to the sharp increase in the intensity of the corresponding peaks.

To conclude, Figure 7c shows the WAXS patterns for the PE37
9.5-b-PEO34

8.8-b PCL29
7.6

(T2) triblock terpolymer. The crystallization sequence remains the same as in the previous
triblock terpolymer discussed above (Figure 5c): the PE block first (violet arrows) at 110 ◦C
((110) and (200) reflections at 15.4 and 16.9 nm−1); then the PCL block (blue arrows) at 46 ◦C
((110) and (200) reflections at 15.5 and 16.7 nm−1); and finally, the PEO block (red arrows)
at 34 ◦C ((120) and (032)/(112)/(132)/(212) reflections at 13.8 and 16.4 nm−1). In addition,
the normalized intensities shown in Figure 8c demonstrate the crystallization of the three
blocks by analyzing the joint reflection that the three blocks show at q values between
16.4 and 16.9 nm−1. Note that as the PE content is higher in this triblock terpolymer (T2)
(37 wt% vs. 22 wt%), the increase in intensity is clearer than in the previous triblock
terpolymer (T1), in which it was very low (Figure 6c).

In addition, to confirm the crystallization of every single block in the cooling scans, re-
sults for the subsequent heating scans are shown in the Supporting Information. Figures S1–S4
report WAXS diffraction patterns and normalized intensity measurements of both triblock
terpolymers here analyzed (T1 and T2).

3.4. Polarized Light Optical Microscopy (PLOM) Observations

PLOM was employed to follow crystallization of the blocks and to give evidence of
the final morphology. Micrographs taken at room temperature (after cooling the samples
at 20 ◦C/min) are shown in Figures 9–12.
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The micrographs taken during the subsequent heating of this PE22 7.1-b-PEO4615.1-b 
PCL3210.4 (T1) triblock terpolymer are provided in Figure S5 in the SI, along with the nor-
malized intensity calculations as a function of temperature also in the SI (Figure S6). These 
graphs show the melting of all blocks, demonstrating the triple crystalline behavior of the 
sample. In addition, all PLOM observations match very well with DSC (Figure 3) and 
WAXS (Figures 5 and 6) results previously discussed. 

Regarding the second system listed in Table 1, the same PLOM observations were 
performed in order to compare the crystalline behavior of both series of samples. Figure 
12 shows the PLOM micrographs at 25 °C of the precursors of the PE37 9.5-b-PEO348.8-b-
PCL297.6 (T2) triblock terpolymer after cooling the samples at a constant rate of 20 °C/min. 
Figure 12a corresponds to the PE9.5 homopolymer, in which very small PE spherulites can 
be observed. The micrograph in Figure 12b, on the contrary, refers to the PE529.5-b-PEO488.8 
diblock copolymer. Although there are no clear PEO spherulites, it shows a double crys-
talline morphology at room temperature. 

Figure 10. PLOM micrographs of the triblock terpolymer PE22
7.1-b-PEO46

15.1-b-PCL32
10.4 (T1) cooling the sample from the

melt at 20 ◦C/min. Colored squares (violet for PE, blue for PCL, and red for PEO) refer to the crystallized block at their
corresponding temperature, indicated at the top of the micrographs for (a) molten state at 120 ◦C, (b) PE at 80 ◦C, (c) PE and
PCL at 40 ◦C, (d) PE, PCL and PEO at 30 ◦C, and (e) PE, PCL, and PEO at 0 ◦C.
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Figure 11. PLOM intensity measurement calculation from data in Figure 10 as a function of tem-
perature during cooling from the melt at 20 ◦C/min, showing crystallization of (a) the PE block,
(b) the PCL block, and (c) the PEO block for the triblock terpolymer PE22

7.1-b-PEO46
15.1-b-PCL32

10.4

(T1). Colored data points and lines (violet for PE, blue for PCL, and red for PEO) are employed in
order to follow the crystallization of the blocks. Empty data points correspond to the molten state of
the sample.
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Figure 12. PLOM micrographs taken at room temperature after cooling the samples from the
melt at 20 ◦C/min for (a) PE9.5 and (b) PE52

9.5-b-PEO48
8.8, indicating the crystallized blocks at

room temperature.

Figure 9a corresponds to the homopolymer PE7.1, showing very small spherulites. In
Figure 9b, the PE32

7.1-b-PEO68
15.1 diblock copolymer shows large spherulites characteristic

of PEO. According to the evidence gathered in the previous sections, the PE block crystal-
lizes first, probably forming microspherulites that are later engulfed by the much larger
PEO block spherulites.

The triple crystalline morphology of the PE22
7.1-b-PEO46

15.1-b-PCL32
10.4 (T1) triblock

terpolymer is shown in Figure 10, in which the whole cooling process at 20 ◦C/min was
followed. Figure 10a indicates that the sample at 120 ◦C is in the molten state. Cooling to
80 ◦C (Figure 10b), the first block to start to crystallize is the PE block, forming very small
and barely observable microspherulites. Due to this difficulty, light intensity measurements
as a function of temperature were measured since slight changes in the PLOM micrographs
can be better detected.

Figure 11 shows all intensity changes that occur during the cooling scan of this
sample. Curve a of Figure 11 shows the increase in intensity related to the crystallization
of the PE block, which crystallizes until saturation at 80 ◦C. Going back to Figure 10c,
the second block to crystallize is the PCL block at 40 ◦C. A slight change is appreciable
in this micrograph, but the difference in intensity in curve b of Figure 11 confirms the
PCL block crystallization. Finally, Figure 10d,e shows the crystallization of the PEO block,
which corresponds to the sharp increase in intensity in curve c of Figure 11. Due to the
crystallization of the three blocks, a triple crystalline block copolymer is obtained.

The micrographs taken during the subsequent heating of this PE22
7.1-b-PEO46

15.1-b
PCL32

10.4 (T1) triblock terpolymer are provided in Figure S5 in the SI, along with the
normalized intensity calculations as a function of temperature also in the SI (Figure S6).
These graphs show the melting of all blocks, demonstrating the triple crystalline behavior
of the sample. In addition, all PLOM observations match very well with DSC (Figure 3)
and WAXS (Figures 5 and 6) results previously discussed.

Regarding the second system listed in Table 1, the same PLOM observations were
performed in order to compare the crystalline behavior of both series of samples. Figure 12
shows the PLOM micrographs at 25 ◦C of the precursors of the PE37

9.5-b-PEO34
8.8-b-

PCL29
7.6 (T2) triblock terpolymer after cooling the samples at a constant rate of 20 ◦C/min.

Figure 12a corresponds to the PE9.5 homopolymer, in which very small PE spherulites
can be observed. The micrograph in Figure 12b, on the contrary, refers to the PE52

9.5-
b-PEO48

8.8 diblock copolymer. Although there are no clear PEO spherulites, it shows a
double crystalline morphology at room temperature.

Figure 13 shows the cooling process employing as cooling rate 20 ◦C/min for the
triblock terpolymer PE37

9.5-b-PEO34
8.8-b-PCL29

7.6 (T2). As indicated in Figure 13a, at 118 ◦C,
the sample is melted. Decreasing temperature to 110 ◦C (Figure 13b), a slight change in
the micrograph indicates that the crystallization of the PE block occurred. In addition,
Figure 13c shows that all PE has crystallized until saturation at 50 ◦C. Once again, it is
challenging to notice meaningful changes in the micrographs, so the normalized intensity
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calculations as a function of temperature are provided in Figure 14. The first increase in
intensity shows the crystallization of the PE block (curve a of Figure 14). The following
slight increase in intensity corresponds to the crystallization of the PCL block (curve b of
Figure 14), also shown in Figure 13d at 40 ◦C. Cooling down the sample, the last block to
crystallize is the PEO block (Figure 13e,f), and its crystallization continues until saturation
is obtained at approximately 0 ◦C (Figure 13g). Curve c in Figure 14 indicates that the
crystallization of the PEO block starts at around 28 ◦C and continues with further decreases
in temperature.

Polymers 2021, 13, x FOR PEER REVIEW 16 of 23 
 

 

 
Figure 12. PLOM micrographs taken at room temperature after cooling the samples from the melt 
at 20 °C/min for (a) PE9.5 and (b) PE529.5-b-PEO488.8, indicating the crystallized blocks at room temper-
ature. 

Figure 13 shows the cooling process employing as cooling rate 20 °C/min for the 
triblock terpolymer PE37 9.5-b-PEO348.8-b-PCL297.6 (T2). As indicated in Figure 13a, at 118 °C, 
the sample is melted. Decreasing temperature to 110 °C (Figure 13b), a slight change in 
the micrograph indicates that the crystallization of the PE block occurred. In addition, 
Figure 13c shows that all PE has crystallized until saturation at 50 °C. Once again, it is 
challenging to notice meaningful changes in the micrographs, so the normalized intensity 
calculations as a function of temperature are provided in Figure 14. The first increase in 
intensity shows the crystallization of the PE block (curve a of Figure 14). The following 
slight increase in intensity corresponds to the crystallization of the PCL block (curve b of 
Figure 14), also shown in Figure 13d at 40 °C. Cooling down the sample, the last block to 
crystallize is the PEO block (Figure 13e,f), and its crystallization continues until saturation 
is obtained at approximately 0 °C (Figure 13g). Curve c in Figure 14 indicates that the 
crystallization of the PEO block starts at around 28 °C and continues with further de-
creases in temperature. 

 

 

 
Figure 13. PLOM micrographs of the triblock terpolymer PE37 9.5-b-PEO348.8-b-PCL297.6 (T2) cooling the 
sample from the melt at a constant rate of 20 °C/min. Colored squares (violet for PE, blue for PCL, 
and red for PEO) refer to the crystallized block at the corresponding temperature indicated on the 
top of the micrographs for (a) molten state at 118 °C, (b) PE at 110 °C, (c) PE at 50 °C, (d) PE and 
PCL at 40 °C, (e) PE, PCL, and PEO at 28 °C, (f) PE, PCL, and PEO at 24 °C, and (g) PE, PCL, and 
PEO at 0 °C. 

Figure 13. PLOM micrographs of the triblock terpolymer PE37
9.5-b-PEO34

8.8-b-PCL29
7.6 (T2) cooling the sample from the

melt at a constant rate of 20 ◦C/min. Colored squares (violet for PE, blue for PCL, and red for PEO) refer to the crystallized
block at the corresponding temperature indicated on the top of the micrographs for (a) molten state at 118 ◦C, (b) PE at
110 ◦C, (c) PE at 50 ◦C, (d) PE and PCL at 40 ◦C, (e) PE, PCL, and PEO at 28 ◦C, (f) PE, PCL, and PEO at 24 ◦C, and (g) PE,
PCL, and PEO at 0 ◦C.

Figures S7 and S8 in the SI provide the subsequent heating scan and the normalized in-
tensity measurements of the PE37

9.5-b-PEO34
8.8-b-PCL29

7.6 (T2) triblock terpolymer, respec-
tively. The discussed results agree well with DSC (Figure 4) and WAXS (Figures 7 and 8)
according to the evidences discussed above.
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Figure 14. PLOM intensity measurement from data in Figure 13 as a function of temperature during
cooling from the melt (20 ◦C/min), indicating crystallization of the following: (a) the PE block,
(b) the PCL block, and (c) the PEO block for the triblock terpolymer PE37

9.5-b-PEO34
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7.6

(T2). Colored data points and lines (violet for PE, blue for PCL, and red for PEO) are employed to
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4. Conclusions

The main objective of this study is the analysis of the morphology and crystallization
of triblock terpolymers with three potentially crystallizable blocks: the apolar PE and the
polar PEO (biocompatible), and PCL (biodegradable) blocks, as well as their corresponding
precursors. Although adding a third block to diblock copolymers makes the study more
challenging, it was possible to ascertain the crystallization sequence of each of the blocks
following the crystallization process by three complementary techniques: DSC, WAXS,
and PLOM.

The aim of comparing two triblock terpolymers, PE22
7.1-b-PEO46

15.1-b-PCL32
10.4 (T1)

and PE37
9.5-b-PEO34

8.8-b-PCL29
7.6 (T2), was to determine the effect of composition and

molecular weight on the properties. Regarding melt miscibility, both triblock terpolymers
(T1 and T2) show weak phase segregation, and the microstructure present in the melt is
destroyed when crystallization of the first block starts (PE crystallization). Furthermore,
the crystallization of the three blocks upon cooling from the melt employing 20 ◦C/min as
cooling rate in both triblock terpolymers is identified. The crystallization sequence resulted
as follows: the PE block crystallized first, followed by the PCL block and finally by the
PEO block, as evidenced by DSC, in situ WAXS experiments, and PLOM observations with
light intensity calculations.

The crystalline behavior of both triblock terpolymers (T1 and T2) is very similar
regardless of the molecular weight and composition. However, for their corresponding
diblock copolymer precursors, the effect of the PE block content and the molecular weight
is significant. The PE32

7.1-b-PEO68
15.1 diblock copolymer is melt miscible, and the PE block

crystallization is hindered due to its low content (32 wt%). Nevertheless, in the PE52
9.5-

b-PEO48
8.8 diblock copolymer, the PE block crystallization is enhanced due to its higher

content (52 wt%) and phase segregated nature in the melt.
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The fact that three different blocks can crystallize in a triblock terpolymer forming
a triple crystalline material opens a window for new applications, such as drug delivery
devices. In this respect, a comprehensive understanding of these materials could be
beneficial to tune their crystallizability and obtain new materials with enhanced properties.

Supplementary Materials: The following are available online at https://www.mdpi.com/article/
10.3390/polym13183133/s1. Table S1: χ and χN values of diblock copolymers (precursors) and
diblock copolymer pairs in the triblock terpolymers, calculated at 180 ◦C. Table S2: Thermal DSC
cooling properties of the homopolymers PE, diblock copolymers PE-b-PEO, and triblock terpolymers
PE-b-PEO-b-PCL (T1 and T2). Crystallization enthalpies are normalized according to block content.
Table S3: Thermal DSC healing properties of the homopolymers PE, diblock copolymers PE-b-PEO,
and triblock terpolymers PE-b-PEO-b-PCL (T1 and T2). Melting enthalpies are normalized according
to block content in each of the samples. Table S4: Crystallinity values (%) of the samples calculated
from DSC heating scans taking into account the mass fractions of each of the blocks and using
Xc = (∆Hm/∆Hm,100%)·100 and enthalpy of fusion of 100% crystalline polymers (∆Hm,100%) is taken
from literature: 293 J/g for PE [107], 139 J/g for PCL [108] and 214 J/g for PEO [109]. Table S5: WAXS
indexation for all the samples [19,92]. Figure S1: WAXS patterns taken during subsequent heating
at 20 ◦C/min for (a) PE7.1, (b) PE32

7.1-b-PEO68
15.1, and (c) PE22

7.1-b-PEO46
15.1-b-PCL32

10.4 (T1) at
different temperatures with arrows indicating transitions for each block (violet for PE, blue for
PCL, and red for PEO) and the corresponding (hkl) planes of the blocks. Figure S2: Normalized
WAXS intensities as a function of temperature calculated from heating WAXS data in Figure S1 with
close-ups for (a) PE7.1, (b) PE32

7.1-b-PEO68
15.1, and (c) PE22

7.1-b-PEO46
15.1-b-PCL32

10.4 (T1). Colored
data points and lines (violet for PE, blue for PCL, and red for PEO) are employed to follow the
crystallization of each block. Empty data points represent the molten state of the corresponding
block in the samples. Figure S3: WAXS patterns taken during subsequent heating at 20 ◦C/min for
(a) PE9.5, (b) PE52

9.5-b-PEO48
8.8, and (c) PE37

9.5-b-PEO34
8.8-b-PCL29

7.6 (T2) at different temperatures
with arrows indicating transitions for each block (violet for PE, blue for PCL and red for PEO) and the
corresponding (hkl) planes of the blocks. Figure S4: Normalized WAXS intensities as a function of
temperature calculated from heating WAXS data in Figure S3 for (a) PE9.5, (b) PE52

9.5-b-PEO48
8.8, and

(c) PE37
9.5-b-PEO34

8.8-b-PCL29
7.6 (T2). Colored data points and lines (violet for PE, blue for PCL, and

red for PEO) are employed to follow the crystallization of each block. Empty data points represent
the molten state of the corresponding block in the samples. Figure S5: PLOM subsequent heating
micrographs from 0 ◦C to the melt at 20 ◦C/min for the triblock PE22

7.1-b-PEO46
15.1-b-PCL32

10.4 (T1)
with colored boxes indicating the crystallization of each of the blocks (violet for PE, blue for PCL
and red for PEO) and the crystallized blocks in each of the micrographs for (a) PE, PCL, and PEO
at 0 ◦C, (b) PE, PCL, and PEO at 25 ◦C, (c) PE, PCL, and PEO at 50 ◦C, (d) PE, PCL, and PEO at
70 ◦C, (e) PE at 72 ◦C, (f) PE at 125 ◦C, and (g) molten state at 130 ◦C. Figure S6: PLOM intensity
measurements from micrographs of Figure S5 as a function of temperature indicating melting of
the (a) PEO block, (b) PCL block, and (c) PE block for the triblock terpolymer PE22

7.1-b-PEO46
15.1-b-

PCL32
10.4 (T1) with colored data points and lines (red for PEO, blue for PCL and violet for PE) to

follow the crystallization of each block. Empty data points represent the molten state of the sample.
Figure S7: PLOM subsequent heating micrographs from 10 ◦C to the melt at 20 ◦C/min for the
triblock PE37

9.5-b-PEO34
8.8-b-PCL29

7.6 (T2) with colored boxes indicating the crystallization of each
of the blocks (violet for PE, blue for PCL and red for PEO) and the crystallized blocks in each of the
micrographs for (a) PE, PCL, and PEO at 10 ◦C, (b) PE, PCL, and PEO at 60 ◦C, (c) PE and PCL at
65 ◦C, (d) PE and PCL at 70 ◦C, (e) PE at 75 ◦C, (f) PE at 130 ◦C, (g) PE a 145 ◦C, and h) molten state
at 150 ◦C. Figure S8: PLOM intensity measurements from micrographs of Figure S7 as a function of
temperature indicating melting of the (a) PEO block, (b) PCL block, and (c) PE block for the triblock
terpolymer PE37

9.5-b-PEO34
8.8-b-PCL29

7.6 (T2) with colored data points and lines (red for PEO, blue
for PCL and violet for PE) to follow the crystallization of each block. Empty data points represent the
molten state of the sample.
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Abstract: The crystallization and morphology of two linear diblock copolymers based on poly-
methylene (PM) and poly(vinylidene fluoride) (PVDF) with compositions PM23-b-PVDF77 and
PM38-b-PVDF62 (where the subscripts indicate the relative compositions in wt%) were compared
with blends of neat components with identical compositions. The samples were studied by SAXS
(Small Angle X-ray Scattering), WAXS (Wide Angle X-ray Scattering), PLOM (Polarized Light Optical
Microscopy), TEM (Transmission Electron Microscopy), DSC (Differential Scanning Calorimetry),
BDS (broadband dielectric spectroscopy), and FTIR (Fourier Transform Infrared Spectroscopy). The
results showed that the blends are immiscible, while the diblock copolymers are miscible in the melt
state (or very weakly segregated). The PVDF component crystallization was studied in detail. It was
found that the polymorphic structure of PVDF was a strong function of its environment. The number
of polymorphs and their amount depended on whether it was on its own as a homopolymer, as a
block component in the diblock copolymers or as an immiscible phase in the blends. The cooling rate
in non-isothermal crystallization or the crystallization temperature in isothermal tests also induced
different polymorphic compositions in the PVDF crystals. As a result, we were able to produce
samples with exclusive ferroelectric phases at specific preparation conditions, while others with
mixtures of paraelectric and ferroelectric phases.

Keywords: poly(vinylidene fluoride)/polymethylene; blends; diblock copolymers; ferroelectric phase

1. Introduction

Nowadays, polymers are important materials that may be used to enhance the safety
and the quality of the environment and reduce the human impact. For example, they may
take relevance in the field of renewable energies or self-powered applications where new
polymeric materials can substitute inorganic devices having the same or better yield at a
lower cost and with less environmental impact [1–3]. Therefore, the current development
in new technologies requires the research of new materials to achieve a balance between
evolution and pollution.

During the last years, poly(vinylidene fluoride) (PVDF) [4,5] and its copolymers [6–8]
have been the most used polymers in electronic devices or renewable energies. PVDF has
good mechanical properties, such as flexibility and low cost. Its biocompatibility with other
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polymers and/or an extremely high chemical resistance make this polymer a great option
for this kind of applications [9]. The most important characteristics of PVDF, apart from the
properties commented above, are its ferroelectricity, piezoelectricity, and pyroelectricity,
resulting from the polarization of its C-F bonds [10]. Therefore, the most used applications
for this kind of fluoropolymers are data storage devices [11,12], sensors [13] and/or energy
harvesting devices [14].

Another relevant characteristic of PVDF is its polymorphism: PVDF can crystallize
in at least four different phases (α, β, γ, and δ), and not all of these phases have the same
polar or non-polar properties [15,16]. When PVDF crystallizes from the melt, the most
common and stable phase is the α-phase. This phase has a trans-gauche conformation,
Tg+Tg−Tg+Tg−, and it is paraelectric. The drawback of this non-polar phase is that
the PVDF crystallizing in this crystalline form is not very useful for the applications
mentioned above [17]. 0 In contrast, the β-phase, with a conformation in all the carbons
are in trans configuration, TTTT, has the highest dipole moment and is a piezoelectric
and ferroelectric material [18,19]. 1 Unfortunately, this phase is not the most stable one,
and it is difficult to obtain. A lot of methods and efforts have been developed during
these last years to crystallize this ferroelectric phase, from mechanical stress to PVDF-
based mixtures or blends (either with other polymers and/or fillers) and the synthesis
of different copolymers [20–22]. The γ-phase has a higher melting temperature than the
two phases mentioned above, and it is also ferroelectric, but it has less polarity, and its
chain conformation is three trans and one gauche conformation TTTg+TTTg− [23]. Finally,
the δ-phase has the same chain conformation than the α-phase. The only difference is
that the δ-phase has each second chain rotated 180◦ around the chain axis, and this small
change provides the ferroelectric property to this phase compared to the paraelectric
α-phase [24,25].

There are several papers in the literature in which ferroelectric and piezoelectric
properties were obtained in PVDF and in PVDF-based materials. One of the most employed
methods to obtain the β-phase in PVDF films is stretching [20,26], where mechanical stress
is applied to transform polymer crystals from an α-phase to a β-phase. In this process, the
stretching temperature is one of the important parameters to be considered [27], but the
conversion from α- to β-phase obtained by this method is not complete, and both phases
coexist simultaneously in the PVDF films [28]. The preparation of PVDF-based blends
is another method to achieve the polar β-phase in PVDF [21,29] directly. PVDF blended
with poly(methyl methacrylate) (PMMA), for example, crystallizes directly in the β-phase
when the crystallization process occurs from the melt [30,31]. The addition of different
fillers PVDF is another alternative, for example, samples of PVDF-TrFE (polyvinylidene-
trifluoroethylene) with modified ZnO particles can promote the crystallization of the
β-phase in the copolymer [32], and when PVDF is mixed with less than 0.2% of multi-
walled carbon nanotubes, it can crystallize in an almost pure β-phase [33].

Other alternatives are to produce PVDF-based graft or block copolymers [34]. Graft
copolymers based on PVDF were studied in order to improve the crystallization of the
β-phase. Synthesis of PVDF grafted with poly (butylene succinate-co-adipate) (PVDF-
g-PBSA) or poly (methyl methacrylate-co-acrylic acid) [PVDF-g-(PMMA-co-AA)] with
previous ozonation of the PVDF induces the crystallization of the β-phase in almost
100%, thanks to the covalent links formed in the PVDF-OH groups [35]. Moreover, also
block copolymers with PVDF were investigated to induce the β-phase. Beuermann et al.
demonstrated by Fourier Transform Infrared Spectroscopy (FTIR) and Wide-Angle X-Ray
Scattering (WAXS) that the PVDF crystallizes in the ferroelectric phase when PVDF-b-
PMMA and PVDF-b-PS (Polystyrene) are synthesized [36,37]. In addition, in a previous
work published by us, we have demonstrated that PVDF-b-PEO (Polyethylene oxide) block
copolymers can crystallize only in the β-phase when the crystallization happens from the
melt at low cooling rates, for instance, 1 ◦C/min [38].

136



Polymers 2021, 13, 2442

In general, the properties of the blends and/or copolymers are different depending
on the synthesis and the form in which they are present in the sample [39–41]. If the
polymers are not compatible, the segregation observed in the material is different for
blends and for copolymers. Segregation in blends happens on a larger scale due to the
macro-phase segregation behavior [42]. Immiscible block copolymers cannot segregate into
macro-phases due to their covalent bonds, but micro-phase segregation into regular domain
patterns can occur [43]. Daoulas et al. have demonstrated by mesoscopic simulations that
the differences between the block copolymers and blends in poly (p-phenylene vinylene)
(PPV) and polyacrylate systems are due to this segregation phenomenon that makes the
materials different for light-emitting diodes, so the final applications of both materials are
not the same [44].

In this work, we study the crystallization of a polymethylene (PM) and PVDF system,
polymers that are not miscible. We compare the PVDF homopolymer with two PM/PVDF
blends and two PM-b-PVDF block copolymers in the same proportion in order to see
the relevance of the segregation in the final properties of both materials. Using Differ-
ential Scanning Calorimetry (DSC), we study the behavior of these samples during the
non-isothermal crystallization and during an isothermal process. Microscopy techniques
and Small-Angle X-Ray Scattering (SAXS) are employed to study the miscibility between
both polymers. Finally, the samples are fully characterized by Broadband Dielectric Spec-
troscopy (BDS), Fourier Transform Infrared Spectroscopy (FTIR), and Wide-Angle X-Ray
Scattering (WAXS).

2. Materials and Methods
2.1. Materials

The diblock copolymers of polymethylene (PM) and poly(vinylidene fluoride) (PVDF)
have been synthetized by Hadjichristidis et al. and published in a previous work [45]. In
brief, the synthesis involves the following steps: (a) polyhomologation of dimethylsul-
foxonium methylide using triethylborane as initiator followed by oxidation/hydrolysis
to afford PM-OH,(b) esterification of the OH group with 2,2-bromoisobutyrylbromide to
introduce bromide at the chain end, (c) halide exchange (Br→I) using sodium iodine to
produce the macro-chain transfer agent (macro-CTA), and (d) Iodine transfer polymer-
ization (ITP) of VDF with the macro-CTA and 1,1-bis(tert-butylperoxy)cyclohexa as the
initiator (Scheme S1). The synthesis of polyvinylidene fluoride (PVDF) homopolymer
has been accomplished via reversible addition−fragmentation chain-transfer polymeriza-
tion (RAFT) polymerization by using (S-benzyl O-ethylxathate) as CTA and 1,1-bis(tert-
butylperoxy)cyclohexane (Luperox 331P80, Sigma-Aldrich, Munich, Germany) as initiator.
The synthesis and the characterization of the linear PVDF used in this study are given in
the SI.

Blends were prepared by mixing the block copolymers with linear homopolymers,
PM-OH and PVDF. The blends were prepared in the same compositions used for the block
copolymers so that they could be compared. First, the PVDF and the PM mixtures were
stirred until the total dissolution in cyclohexane during 24 h at 50 ◦C. Then, each mixture
was drop-casted onto Teflon holders. Afterward, a fume hood was used to slowly evaporate
the solvent, and finally, under vacuum conditions, the samples were well-dried in an oven
at 40 ◦C for 72 h. All the polymers used in this work and their molecular characteristics are
listed in Table 1.
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Table 1. Principal characteristics of all samples employed during this work. The subscripts indicate the wt% of each block.

Sample Topology Mn (g/mol) a Mn PM (g/mol) a Mn PVDF (g/mol) a Ð b

PM23-b-PVDF77 Linear diblock copolymer 28.6 K 6.6 K 22.0 K PM: 1.12
PVDF: 1.29

PM38-b-PVDF62 Linear diblock copolymer 17.6 K 6.6 K 11.0 K PM: 1.12
PVDF: 1.25

PM23PVDF77 Blend - 5.6 K 7.6 K

PM38PVDF62 Blend - 5.6 K 7.6 K

PVDF Linear homopolymer 7.6 K - 7.6 K 1.50 c

PM-OH Linear homopolymer 5.6 K 5.6 K - 1.12 d

a All Mn were determined by 1H NMR, toluene-d8, and DMF-d7 mixture; b Direct GPC characterization of PM-b-PVDF copolymers was
impossible due to the difficulty in finding a common solvent for both blocks. The results given in the Table correspond to each block after
hydrolysis of the junction point; c HT-GPC (trichlorobenzene as eluent, 145 ◦C, PS standards) for PM-OH and d GPC (dimethylformamide
as eluent, 35 ◦C, PS standards).

2.2. Methods
2.2.1. Differential Scanning Calorimetry (DSC)

A Perkin Elmer DSC 8000 equipment was used to carry out the DSC experiments.
This equipment uses an Intracooler II as a cooling system. Before the measurements were
performed, the equipment was calibrated using indium and tin standards.

For the non-isothermal procedure, first, the samples were heated up to 20 ◦C above
the highest melting temperature and held there for 3 min to ensure that the thermal history
of the materials was completely erased. Then, samples were cooled at different cooling
rates (60, 20, 5, and 1 ◦C/min) from the melt to 25 ◦C and then heated again to the molten
state at a constant rate of 20 ◦C/min.

The protocol used to carry out the isothermal crystallization procedure was the same
followed by Lorenzo et al. [46]. First, the minimum crystallization temperature (Tc,min)
was searched. To find it, samples were heated up to 20 ◦C above the melting temperature
and held there for 3 min. Then, samples were cooled fast (at 60 ◦C/min) to a previously
selected Tc. When this Tc was reached, samples were heated at 20 ◦C/min to the same
melting temperature chosen in the previous step. When no peaks were observed in the
subsequent heating scan, the Tc mentioned in the second step was considered to be the
minimum isothermal crystallization temperature [46].

The isothermal crystallization procedure consisted in a series of different steps. First,
samples were melted at 20 ◦C above the melting temperature and held there for 3 min to
erase the thermal history of the material. Then, samples were cooled down at 60 ◦C/min to
the selected isothermal crystallization temperature and held at this Tc for 40 min to achieve
crystallization saturation. Once this crystallization process was finished, samples were
heated at 20 ◦C/min to the previously selected melting temperature, and the process was
reinitiated to the next programmed Tc [46].

2.2.2. X-ray Diffraction

Block copolymer samples were analyzed using Wide-Angle X-Ray Scattering (WAXS)
and Small-Angle X-Ray Scattering (SAXS). These experiments were carried out in the ALBA
Synchrotron facility using synchrotron radiation at the BL11-NCD beamline. Samples were
measured in capillaries using a Linkam hot-stage system equipped with liquid nitrogen to
control the temperature. The samples were melted at 200 ◦C for 3 min, then cooled down at
the chosen cooling rate. The energy of the X-ray source was 12.4 keV (λ = 1.0 Å). The WAXS
system configuration employed was a Rayonix LX255-HS sample detector with an active
area of 230.4 mm × 76.8 mm. A sample to detector distance of 15.5 mm with a tilt angle of
27.3◦ was employed. The resulting pixel size was 44 µm2. For the SAXS experiments, the
configuration was a Pilatus 1M sample detector, which had the following characteristics:
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active image area = 168.7 mm × 179.4 mm, the total number of pixels = 981 × 1043, pixel
size = 172 µm × 172 µm, rate = 25 frames/sec and the distance used was 6463 mm.

2.2.3. Polarized Light Optical Microscopy (PLOM)

All samples were analyzed by an Olympus BX51 polarized optical microscope coupled
to a Linkam hot-stage that uses nitrogen to control the temperature and manages the cooling
rate. An Olympus SC50 camera linked to the microscope was employed to observe the
samples and take micrographs. Samples were dissolved in acetone or cyclohexane, and
drops of the solutions were placed on a glass substrate and dried at room temperature.

2.2.4. Fourier Transform Infrared Spectroscopy (FTIR)

A Nicolet 6700 Fourier Transform Infrared Spectrometer equipped with an Attenuated
Total Reflectance (ATR) Golden Gate MK II with a diamond crystal was employed to
analyze the samples. Samples were melted directly from the bulk at 200 ◦C in a Linkam
hot-stage and then cooled down at 1 ◦C/min employing N2 in the cooling process. FTIR
measurements were carried out after the cooling process at room temperature.

2.2.5. Transmission Electron Microscopy (TEM)

All samples were stained with RuO4 before the measurements by immersing thin
strips of material in this solution for 16 h. Then, the samples were cut in ultra-thin sections
at room temperature with a diamond knife on a Leica EMFC6 ultra-microtome device.
These 90 nm thick ultra-thin sections were mounted on a 200 mesh copper grid and then
observed by a TECNAI G2 20 TWIN TEM equipped with a LaB6 filament operating at an
accelerating voltage of 120 kV.

2.2.6. Broadband Dielectric Spectroscopy (BDS)

The complex dielectric permittivity, ε* (ω) = ε′ (ω) − iε′′ (ω), where ε′ is the real
part and ε′′ is the imaginary part, was obtained as a function of the frequency (ω) and
temperature (T) by using a Novocontrol high-resolution dielectric analyzer (Alpha ana-
lyzer) (Novocontrol, Montabaur, Germany). The sample cell was set in a cryostat, whose
temperature was controlled via a nitrogen gas jet stream coupled with a Novocontrol
Quatro controller. Samples were placed between two flat gold-plated electrodes (10 and
20 mm in diameter) forming a parallel plate capacitor with a 0.1 mm thick Teflon spacer.
Frequency sweeps were performed at a constant temperature with a stability of ±0.1 ◦C.
BDS measurements were carried out as follows. Samples were heated up to 200 ◦C inside
the cryostat. This temperature was held for 5 min to ensure a homogeneous filling of
the capacitor and to obtain a fully amorphous initial state. Then, measurements started
at 200 ◦C, cooling the samples in isothermal steps of 10 ◦C down to −100 ◦C, and subse-
quently heating them up to 200 ◦C, again in 10 ◦C steps. Samples were tested at different
temperatures over a frequency range of 10−1 to 107 Hz.

3. Results and Discussion
3.1. Miscibility between PM and PVDF

The final properties of materials that are made up of more than one component can be
affected by their miscibility. The Flory interaction parameter χ12 can be estimated by the
following semi-empirical equation (Equation (1)) [47],

χ12 = 0.34 +
V1

RT
(δ1 − δ2)

2 (1)

where χ12 is the interaction parameter, V1 is the molar volume of the matrix component
(PVDF in our case) calculated through the molar mass of the repeating unit (M = 64.03 g/mol)
and the amorphous density (ρ = 1.68 g/cm3), in this case, V1 = 38.1 cm3/mol, R is a constant
the value of which is 1.987 cal/mol K, T is the temperature chosen to calculate the miscibility
(473 K in order to know the miscibility in the molten state), and δ1 (8.57 (cal/cm3)1/2) and
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δ2 (7.9 (cal/cm3)1/2) are the solubility parameters. In our case, the calculated χ12 is 0.36 at
200 ◦C.

To calculate the segregation strength in the case of block copolymers, the χ12 value is
multiplied by N, the degree of polymerization. When the value obtained is below 10, the
polymers are miscible with each other; if the estimated value is between 10 and 30, there is
a weak segregation; and if it is between 30 and 50, there is a medium segregation. Only
when the calculated value is above of 50, it is possible to predict that there will be a strong
segregation. For our samples, we have calculated that the segregation strength is 117 for
the PM23-b-PVDF77 and 72 in the case of PM38-b-PVDF62. Therefore, we can expect a strong
segregation in the melt for both samples.

Nevertheless, SAXS results do not show any evidence of phase segregation in the
melt. Figure 1 shows the SAXS curves for both block copolymers at different temperatures
during a heating sweep at 20 ◦C/min. When the copolymers are in the molten state (above
165 ◦C), there is not any segregation peak observed, indicating that either the electron
density contrast in the melt is not enough to produce a signal or that the copolymers are
either very weakly segregated or melt-mixed. The prominent SAXS peaks observed at
temperatures below the melting point of PVDF are due to the average long period values
of the constituent crystalline lamellae. As expected, they shift to lower q values (i.e., larger
long periods) as temperature increases.
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Figure 1. SAXS analysis at different temperatures during heating scans at 20 °C/min after a cooling 
process also at 20 °C/min of (a) PM23-b-PVDF77 sample and (b) PM38-b-PVDF68 sample. 

PLOM was used to observe the crystallization process in the different samples and 
to check if the segregation behavior is different between block copolymers and blends. 
Figure 2a shows the crystallization of PM38-b-PVDF62 during a cooling sweep from the 
melt at 20 °C/min. In a strongly segregated diblock copolymer with this composition, the 

Figure 1. SAXS analysis at different temperatures during heating scans at 20 ◦C/min after a cooling
process also at 20 ◦C/min of (a) PM23-b-PVDF77 sample and (b) PM38-b-PVDF68 sample.

PLOM was used to observe the crystallization process in the different samples and
to check if the segregation behavior is different between block copolymers and blends.
Figure 2a shows the crystallization of PM38-b-PVDF62 during a cooling sweep from the
melt at 20 ◦C/min. In a strongly segregated diblock copolymer with this composition,
the expected microphase separated morphology in the melt would be that of a lamellar
assembly. Additionally, if the segregation is strong, each block has to crystallize within the
confined microdomain morphology produced during the phase segregation in the melt.
As a result, it would be impossible to observe spherulites.
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Figure 2. PLOM images of (a) PVDF block spherulites in the PM38-b-PVDF62 diblock copolymer
sample after having been cooled at 20 ◦C/min to a T = 130 ◦C and (b) crystallization of the PM block
in the PM38-b-PVDF62 sample after having been cooled at 20 ◦C/min to T = 25 ◦C. (c) Evident phase
segregation of the PVDF and PM phases in a PM23PVDF77 blend sample after a cooling process at
20 ◦C/min down to T = 25 ◦C.

The micrograph shown in Figure 2a was taken at a temperature higher than the melting
point of the PM block in the copolymer (i.e., T = 130 ◦C). The PVDF block crystallizes as
spherulites in this case. This observation indicates that the diblock copolymer crystallizes
either from a weakly segregated melt, from which break out leads to spherulites formation
or from a melt mixed state, which can also explain the observation of spherulites. As
shown in Figure 2b, when the temperature is lower than the PM block crystallization
temperature (micrograph taken at 25 ◦C), a subtle change in the birefringence is observed.
This change in birefringence has been highlighted by surrounding the most noticeable
areas with a white circle. In order to quantify this, change in the transmitted light intensity
during the cooling process was measured using the ImageJ software [48]. The results
obtained are plotted in Figure S5 in the Supporting Information, and they conclusively
show the sequential crystallization of the PVDF and PM blocks upon cooling from the
melt. This change happens as the PM block crystallizes within the already formed PVDF
spherulites, just within the intraspherulitic amorphous regions, as has been observed
before for other block copolymer systems, such as PCL-b-PLLA or PEO-b-PCL [49,50]. The
PLOM results obtained in Figure 2a,b indicate that these copolymers are either miscible or
weakly segregated. These results are consistent with the lack of phase segregation observed
by SAXS.

On the other hand, Figure 2c shows the complete crystallization of both phases (PM
and PVDF) in the blends after a cooling scan at 20 ◦C/min at T = 25 ◦C from the molten state.
The phase segregation between the phases is evident. PVDF crystallizes as spherulites, and
PM crystallizes in microaxialites (difficult to see in the micrograph due to their small size).
This result suggests that there is evident macrophase segregation in the blends.

TEM was used to see the differences in the miscibility and in the lamellar structure
between the block copolymers and the blends. Figure 3 shows the TEM images for the
PM23-b-PVDF77 diblock copolymer sample (Figure 3a) and the PM23PVDF77 blend sample
(Figure 3b), respectively. Figure 3a shows a close-up region of a spherulite whose center is
located to the right of the micrograph. A large number of lamellae that have grown from
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the right to the left of the micrograph can be observed. We were not able to distinguish
the lamellae belonging to the PVDF block or to the PM block, as they seem to have
similar sizes. Their co-existence without any discontinuity suggests that both blocks
crystallize from a miscible melt. No signs of phase separation were observed for the block
copolymer samples.

Polymers 2021, 13, 2442 8 of 28 
 

 

TEM was used to see the differences in the miscibility and in the lamellar structure 
between the block copolymers and the blends. Figure 3 shows the TEM images for the 
PM23-b-PVDF77 diblock copolymer sample (Figure 3a) and the PM23PVDF77 blend sample 
(Figure 3b), respectively. Figure 3a shows a close-up region of a spherulite whose center 
is located to the right of the micrograph. A large number of lamellae that have grown from 
the right to the left of the micrograph can be observed. We were not able to distinguish 
the lamellae belonging to the PVDF block or to the PM block, as they seem to have similar 
sizes. Their co-existence without any discontinuity suggests that both blocks crystallize 
from a miscible melt. No signs of phase separation were observed for the block copolymer 
samples. 

On the other hand, in Figure 3b, it is possible to observe the evident phase 
segregation between PVDF and PM phases in the PM23PVDF77 blend. In summary, taking 
into account the collected evidence by PLOM and TEM, we can conclude that the PM and 
PVDF samples employed here are miscible when they form diblock copolymers, but they 
are immiscible when they are physically blended. This aspect is important to take into 
account in the next sections. 

  
Figure 3. TEM images for (a) PM23-b-PVDF77 linear diblock copolymer and (b) PM23PVDF77 blend 
after cooling the samples at 20 °C/min to 25 °C. 

3.2. How the Cooling Rate Affects the Crystallization of the PVDF Phase in Block Copolymers 
and Blends 

Blends and block copolymers were studied at different cooling rates in order to 
observe how this parameter affects the crystallization of PVDF in both systems. The 
cooling rates employed were 1, 5, 20, and 60 °C/min, and the heating rate used after the 
cooling process was always 20 °C/min. A PVDF homopolymer was also studied for 
comparative purposes.  

Figure 4a shows the DSC cooling scans at 20 °C/min of the PVDF homopolymer, the 
PM homopolymer (PM-OH), the two different diblock copolymers, and their respective 
blends at the same composition. The crystallization (Figure 4a) peaks located at higher 
temperatures correspond to the PVDF component. In the blends, the PVDF component 
crystallizes at higher temperatures than the PVDF homopolymer (which is one of the 
components used to formulate the blend). This corresponds to a nucleating effect of the 
molten PM-OH phase, which can be explained by a transference of impurities from the 
PM phase to the PVDF phase during blending, as already described for other systems [51–
53]. On the other hand, the PVDF blocks in the diblock copolymers have lower Tc values 
than the PVDF homopolymer sample, a possible sign of miscibility between the blocks. 
The other crystallization peak, at lower temperatures, corresponds to the PM blocks. In 
this case, the crystallization of the PM in the diblock copolymers is bimodal and occurs at 
higher temperatures than those observed for the blends and for the PM homopolymer. 
This higher crystallization temperature could be related to a nucleating effect of the PVDF 
block crystals. 

Figure 3. TEM images for (a) PM23-b-PVDF77 linear diblock copolymer and (b) PM23PVDF77 blend after cooling the samples
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On the other hand, in Figure 3b, it is possible to observe the evident phase segregation
between PVDF and PM phases in the PM23PVDF77 blend. In summary, taking into account
the collected evidence by PLOM and TEM, we can conclude that the PM and PVDF samples
employed here are miscible when they form diblock copolymers, but they are immiscible
when they are physically blended. This aspect is important to take into account in the
next sections.

3.2. How the Cooling Rate Affects the Crystallization of the PVDF Phase in Block Copolymers
and Blends

Blends and block copolymers were studied at different cooling rates in order to observe
how this parameter affects the crystallization of PVDF in both systems. The cooling rates
employed were 1, 5, 20, and 60 ◦C/min, and the heating rate used after the cooling process
was always 20 ◦C/min. A PVDF homopolymer was also studied for comparative purposes.

Figure 4a shows the DSC cooling scans at 20 ◦C/min of the PVDF homopolymer, the
PM homopolymer (PM-OH), the two different diblock copolymers, and their respective
blends at the same composition. The crystallization (Figure 4a) peaks located at higher
temperatures correspond to the PVDF component. In the blends, the PVDF component
crystallizes at higher temperatures than the PVDF homopolymer (which is one of the
components used to formulate the blend). This corresponds to a nucleating effect of the
molten PM-OH phase, which can be explained by a transference of impurities from the PM
phase to the PVDF phase during blending, as already described for other systems [51–53].
On the other hand, the PVDF blocks in the diblock copolymers have lower Tc values than
the PVDF homopolymer sample, a possible sign of miscibility between the blocks. The
other crystallization peak, at lower temperatures, corresponds to the PM blocks. In this
case, the crystallization of the PM in the diblock copolymers is bimodal and occurs at
higher temperatures than those observed for the blends and for the PM homopolymer.
This higher crystallization temperature could be related to a nucleating effect of the PVDF
block crystals.
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curves at 20 ◦C/min and (b) heating curves at 20 ◦C/min after the previous cooling process.

The DSC subsequent DSC heating curves taken at 20 ◦C/min are plotted in Figure 4b
and show that the melting peak that corresponds to the PM crystalline phase shows up
at lower temperatures than that one observed for the PVDF. It is clear that the blends
are totally immiscible, and the melting points of the PM phase (which shows a bimodal
character) in the blends are very similar and located at the same temperatures as in the
PM homopolymer. On the other hand, in the block copolymers, the PM block melting
peak is a monomodal sharp endotherm that peaks at significantly higher values than that
of the PM homopolymer or the PM phase in the blends. Regarding the melting peaks
associated to the PVDF phases in the blends, these are located in the same temperature
range as those of the PVDF homopolymer, once again suggesting that PM and PVDF are
immiscible. In summary, due to the phase segregation encountered in the blends, the
melting peaks of the blends correspond to those observed for their homopolymers in the
same temperature range.

For the PVDF phase, melting is characterized by two main peaks. Due to the polymor-
phism observed in PVDF, different phases can form in the same sample [54]. In the case
of the diblock copolymers, even a third minor peak appears at higher temperatures. This
peak could be either a third crystalline phase or the result of a crystal reorganization that
occurred during the heating process. The first melting peak in PVDF usually corresponds
to the less stable, ferroelectric β-phase, and the second melting peak, to the paraelectric
α-phase [30].

Figure 5 shows the comparison of the DSC heating scans of the samples (all performed
at 20 ◦C/min) in the PVDF melting range obtained after using different cooling rates. The
PM23-b-PVDF77 diblock copolymer (Figure 5a) shows three melting peaks at all the cooling
rates studied, except at 1 ◦C/min, where only one main peak with a low temperature
shoulder is observed. The third peak that can be observed at around 175 ◦C seems to be
related to a crystal reorganization process, and Figure 5a shows that it does not depend
on the cooling rate used (except for the experiment performed at 1 ◦C/min). The height
and the area of the other two peaks seem to remain constant at all the cooling rates except
at 1 ◦C/min, where the behavior of the subsequent melting curve is completely different.
First, there is not a third peak, and second, the first peak, probably the β-phase peak, has
almost disappeared, so at 1 ◦C/min, the α-phase peak is promoted. This is a common
behavior reported in the literature for the PVDF: at low cooling rates, the formation of the
most stable phase is promoted [55,56].
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The second diblock copolymer (Figure 5b), PM38-b-PVDF62, shows different behavior.
At high cooling rates, the α-phase peak is larger than the β-phase peak, but when the
cooling rate is decreased, the α-phase peak also decreases, and the β-phase peak is the
majority phase in the copolymer. For instance, at 1 ◦C/min, the promotion of the β-phase
is evident. The crystallization behavior of the PVDF at 1 ◦C/min is completely different
than the behavior shown by the PM23-b-PVDF77 copolymer: the formation of the less stable
phase is promoted in this case.

On the other hand, both PM/PVDF blends exhibit similar behavior (Figure 5c,d). In
this case, it seems that the amount of PM in the blend has no effect on the crystallization of
the PVDF phase. The formation of the β-phase is always promoted in the blends, even at
high cooling rates, where it coexists with the α-phase. When the cooling rate is decreased
(5 ◦C/min), the α-phase almost disappears, and a new high temperature peak appears,
which is associated to a different crystalline phase that is more stable than the last two
ones explained. It has been reported in the literature that at these high temperatures
(higher than 175 ◦C) the γ-phase, which is also polar, crystallizes [57,58]. When samples
are cooled at 1 ◦C/min, the α-phase peak completely disappears, and the β-phase and
the γ-phase coexist. For comparative purposes, a PVDF homopolymer was also studied
at different cooling rates (Figure 5e). As can be seen at high cooling rates, the α-phase
and the β-phase coexist; however, when the cooling rate is decreased, the PVDF tends
to crystallize preferentially in the β-phase. At 1 ◦C/min, the three crystalline phases
mentioned above coexist, and the β-phase is the main crystalline phase. A small shoulder
at high temperatures corresponds to the α-phase, and finally, the new stable melting
peak appears, which probably corresponds to the previously mentioned γ-phase. All the
calorimetric parameters obtained by DSC are listed in Table 2.

DSC heating scans performed after cooling the samples at 1 ◦C/min show that the
crystalline phase obtained depends on the sample and the origin of the sample. Samples
cooled at 1 ◦C/min were analyzed by FTIR to verify which phases the PVDF block crystal-
lizes in. Figure 6 shows the FTIR results for the PM homopolymer, the PVDF homopolymer,
both diblock copolymers, and both blends, at room temperature after the samples were
cooled from the melt at 1 ◦C/min. The wavenumber range studied was 1400–600 cm−1,
which is where the most useful information for PVDF can be observed. There is a large
band located at 720 cm−1 and a smaller one at 1377 cm−1, where the main characteristic
bands for the PM polymer are observed [59]. There is also a weak band located at 801 cm−1.
We can observe that the main peaks perceived for PM do not overlap with the main bands
associated with PVDF.

Polymers 2021, 13, 2442 11 of 28 
 

 

PM23PVDF77 

PM 

1 100.5 - - - 92.7 24.6 37.5 
5 98.5 - - - 90.1 23.9 12.2 

20 97.8 - - - 86.1 13.1 10.9 
60 97.1 - - - 80.8 13.8 12.9 

PVDF 

1 - - 172.7 179.3 157.4 30.5 33.6 
5 - 174.4 170.7 176.9 152.5 37.3 38.9 

20 - 174.2 170.1 - 147.0 33.5 37.4 
60 - 173.4 167.8 - 141.0 35.0 37.7 

PM38PVDF62 

PM 

1 100.9 - - - 94.3 17.2 17.9 
5 99.6 - - - 91.5 12.5 13.2 

20 98.1 - - - 86.8 20.5 14.1 
60 97.4 - - - 80.8 21.9 14.4 

PVDF 

1 - - 172.2 179.1 157.5 25.8 26.8 
5 - 174.5 170.2 176.7 151.5 25.8 29.5 

20 - 173.6 168.4 - 146.4 26.8 28.9 
60 - 173.1 167.3 - 139.8 27.1 29.7 

140 150 160 170 180 190

H
ea

t f
lo

w
 e

nd
o 

up
 (W

/g
)

Temperature (ºC)

1 W
/g

1ºC/min

5ºC/min

20ºC/min

60ºC/min

PM23-b-PVDF77
a)

β α

140 150 160 170 180 190

60ºC/min

20ºC/min

5ºC/min

H
ea

t f
lo

w
 en

do
 u

p 
(W

/g
)

Temperature (ºC)

1 W
/g

1ºC/min

PM38-b-PVDF62
b)

β α

 Figure 5. Cont.

144



Polymers 2021, 13, 2442Polymers 2021, 13, 2442 12 of 28 
 

 

140 150 160 170 180 190

60ºC/min

20ºC/min

5ºC/min

H
ea

t f
lo

w
 en

do
 u

p 
(W

/g
)

Temperature (ºC)

0.5 W
/g1ºC/min

PM23PVDF77c) β
α

γ

140 150 160 170 180 190

60ºC/min

20ºC/min

5ºC/min

H
ea

t f
lo

w
 e

nd
o 

up
 (W

/g
)

Temperature (ºC)

0.5 W
/g

1ºC/min

PM38PVDF62
d) β

α

γ

140 150 160 170 180 190

1ºC/min

5ºC/min

20ºC/min

H
ea

t f
lo

w
 e

nd
o 

up
 (W

/g
)

Temperature (ºC)

1 W
/g

60ºC/min

e) PVDF homopolymer
β

α

γ

 
Figure 5. DSC heating scans for PVDF after different cooling rates were used: (a) PM23-b-PVDF77 and 
(b) PM38-b-PVDF62 block copolymers, (c) PM23PVDF77, (d) PM38PVDF62, and (e) PVDF homopolymer 
samples. 
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Figure 5. DSC heating scans for PVDF after different cooling rates were used: (a) PM23-b-PVDF77 and
(b) PM38-b-PVDF62 block copolymers, (c) PM23PVDF77, (d) PM38PVDF62, and (e) PVDF homopoly-
mer samples.

Table 2. Melting and crystallization temperatures and enthalpies for each block copolymer, blend,
and homopolymer sample studied.

Sample Polymer Rate
(◦C/min)

Tm ,PM
(◦C)

Tm,α
(◦C)

Tm,β
(◦C)

Tm,γ
(◦C)

Tc
(◦C)

∆Hm
(J/g)

∆Hc
(J/g)

Homopolymer PVDF

1 - - 170.9 178.1 150.6 52.6 69.8
5 - 173.5 168.2 - 144.0 53.8 60.4

20 - 173.0 166.3 - 138.2 54.3 57.0
60 - 172.5 165.0 - 129.3 53.8 58.5

PM23-b-PVDF77

PM

1 113.0 - - - 107.9 19.9 4.6
5 112.2 - - - 105.6 25.1 3.4

20 112.1 - - - 102.3 23.7 3.0
60 111.9 - - - 98.3 24.3 1.6

PVDF

1 - 170.9 - - 147.8 67.1 67.0
5 - 167.6 161.1 - 141.7 66.6 69.5

20 - 166.1 158.9 - 135.9 70.6 71.6
60 - 165.4 157.3 - 128.9 71.0 60.8
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Table 2. Cont.

Sample Polymer Rate
(◦C/min)

Tm ,PM
(◦C)

Tm,α
(◦C)

Tm,β
(◦C)

Tm,γ
(◦C)

Tc
(◦C)

∆Hm
(J/g)

∆Hc
(J/g)

PM38-b-PVDF62

PM

1 114.4 - - - 108.4 38.4 25.6
5 113.7 - - - 106.3 40.6 19.6

20 113.4 - - - 103.4 43.2 18.8
60 112.7 - - - 98.9 43.6 12.6

PVDF

1 - 164.3 158.7 - 141.9 60.7 66.9
5 - 162.1 155.2 - 137.6 57.4 72.3

20 - 160.4 153.0 - 132.3 64.8 76.1
60 - 159.1 150.6 - 124.2 70.4 65.7

PM23PVDF77

PM

1 100.5 - - - 92.7 24.6 37.5
5 98.5 - - - 90.1 23.9 12.2

20 97.8 - - - 86.1 13.1 10.9
60 97.1 - - - 80.8 13.8 12.9

PVDF

1 - - 172.7 179.3 157.4 30.5 33.6
5 - 174.4 170.7 176.9 152.5 37.3 38.9

20 - 174.2 170.1 - 147.0 33.5 37.4
60 - 173.4 167.8 - 141.0 35.0 37.7

PM38PVDF62

PM

1 100.9 - - - 94.3 17.2 17.9
5 99.6 - - - 91.5 12.5 13.2

20 98.1 - - - 86.8 20.5 14.1
60 97.4 - - - 80.8 21.9 14.4

PVDF

1 - - 172.2 179.1 157.5 25.8 26.8
5 - 174.5 170.2 176.7 151.5 25.8 29.5

20 - 173.6 168.4 - 146.4 26.8 28.9
60 - 173.1 167.3 - 139.8 27.1 29.7
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Figure 6. Sections of FTIR spectra of PM-OH, PVDF homopolymer, PM23-b-PVDF77, PM38-b-PVDF62, 
PM23PVDF77, and PM38PVDF62 samples after a cooling sweep at 1 °C/min. The grey dashed line 
shows the bands for the α-phase; the purple dashed line is for the β-phase, and the green dashed 
line corresponds to the γ-phase. 

On the other hand, the spectrum of the PM38-b-PVDF62 sample shows the α-crystals 
bands mentioned before and the band located at 1278 cm−1 that corresponds to the β-

Figure 6. Sections of FTIR spectra of PM-OH, PVDF homopolymer, PM23-b-PVDF77, PM38-b-PVDF62,
PM23PVDF77, and PM38PVDF62 samples after a cooling sweep at 1 ◦C/min. The grey dashed line
shows the bands for the α-phase; the purple dashed line is for the β-phase, and the green dashed line
corresponds to the γ-phase.
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When the crystallization of the PVDF homopolymer happens at a low cooling rate,
three very weak bands can be seen at 1214, 976, and 796 cm−1, which correspond to the
α-phase. This means that the formation of the α-phase is not really promoted in the
homopolymer. Moreover, there are two additional, more intense, main bands, at 1275 and
840 cm−1, which correspond to the crystalline β-phase. This means that, surprisingly, the
PVDF homopolymer is able to crystalize in the ferroelectric β-phase when the polymer is
crystallized slowly from the melt.

The spectra for both diblock copolymers show bands for the crystalline α-phase
and β-phase. The PM23-b-PVDF77 shows only one small band located at 1278 cm−1,
corresponding to the β-phase, but there is not any band at 840 cm−1. This indicates the
presence of a small amount of β-phase in the copolymer. In addition, the FTIR spectrum of
this sample clearly shows the bands corresponding to the α-phase, which indicates that
the crystallization observed at 1 ◦C/min corresponds mainly to the paraelectric α-phase,
which confirms the DSC results.

On the other hand, the spectrum of the PM38-b-PVDF62 sample shows the α-crystals
bands mentioned before and the band located at 1278 cm−1 that corresponds to the β-phase.
The FTIR analysis of this diblock copolymer demonstrates that the α-phase and the β-phase
coexist simultaneously after samples have been cooled at 1 ◦C/min. Again, this behavior
confirms the DSC results: at low cooling rates, the formation of the β-phase is promoted,
but the α-phase remains present.

The FTIR spectra for the two blends (Figure 6) show the two main bands corresponding
to the β-phase plus a new band located at 811 cm−1, which corresponds to the γ-phase
crystals [60]. All the characteristic bands for PM and PVDF are shown in Table 3.

Table 3. Values and description of the main FTIR bands for α, β, γ-phases for PVDF and PM.

Wavenumber (cm−1) Phase Description [61,62]

720 PM C-C rocking deformation
796 α-PVDF CH2 rocking
811 γ-PVDF -
840 β-PVDF CH2,CF2 asymmetric stretching vibration
976 α-PVDF CH out of plane deformation

1214 α-PVDF CF stretching
1232 γ-PVDF CF out of plane deformation
1275 β-PVDF CF out of plane deformation
1377 PM CH3 symmetric deformation

WAXS experiments were performed to investigate what phases crystallized during
the cooling process at 1 ◦C/min from the molten state (Figure 7). The main reflections
for the PM are located at 15.2 and 16.7 nm−1 as can be seen in the pattern of the PM-
OH sample. PM crystallizes in an orthorhombic unit cell with parameters a = 0.742 nm,
b = 0.495 nm, c = 0.255 nm, and β = 90◦, with a P-D2h space group [63,64]. The crystallo-
graphic planes for these peaks are (110) and (200), respectively [65,66].

PVDF has different crystalline phases, which appear as WAXS reflections at differ-
ent q-values (see Figure 7). The peaks that are located at q-values of 12.6, 13.1, 14.2, and
18.9 nm−1 correspond to the crystalline α-phase, and the reflections of this paraelectric
phase have the following crystallographic planes: (100), (020), (110), and
(120/021) [67–69]. The α-phase of PVDF is characterized by a pseudo-orthorhombic
unit cell with a = 0.496 nm, b = 0.964 nm, c = 0.462 nm, and β = 90◦ and has a P2/C space
group [70,71]. In our case, these reflections appear for the diblock copolymers, the blends,
and the homopolymer. These reflexions are more intense in the homopolymer and in the
PM23-b-PVDF77 than in the other samples. Based on this result and the FTIR spectra, we
can conclude that during the crystallization of the PM23-b-PVDF77 the formation of the
α-phase is always promoted at low cooling rates.
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Figure 7. WAXS diffraction patterns of PM-OH, PVDF homopolymer, both blends, and both block 
copolymers at room temperature after a crystallization process at 1 °C/min. The grey dashed lines 
indicate the peaks associated to the α-phase, and the purple dashed line indicates the peak of the β-
phase. 
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Figure 8 shows the BDS results for PVDF and its copolymers with PM. In particular, 

Figure 8a–c displays dielectric spectra: the imaginary part of the complex dielectric 
permittivity as a function of the frequency. The data presented correspond to the one 
collected by isotherms from −100 to 0 °C in steps of 10 °C (measured on heating). The 
corresponding experiments on cooling were nearly indistinguishable. In general, the 
relaxation processes were characterized by a single maximum, which shifted towards 
higher frequencies and increased in intensity as the temperature was increased.  

Figure 7. WAXS diffraction patterns of PM-OH, PVDF homopolymer, both blends, and both block
copolymers at room temperature after a crystallization process at 1 ◦C/min. The grey dashed lines
indicate the peaks associated to the α-phase, and the purple dashed line indicates the peak of the
β-phase.

However, apart from the characteristic peaks of the α-phase, the other samples contain-
ing PVDF display one extra peak or shoulder in their patterns at 13.5 nm−1 (Figure 7). This
new reflection corresponds to the crystallization of the β-phase, which has the (200/110)
crystal plane [18]. The β-phase of PVDF is characterized by an orthorhombic unit cell,
which has a Cm2m space group and the following dimensions: a = 0.847 nm, b = 0.490 nm,
and c = 0.256 nm [72]. The presence of this peak is in agreement with the results obtained
before in the DSC analysis, which suggests that the formation of the β-phase is promoted
in samples that were previously cooled at 1 ◦C/min and coexists with a small amount of
crystalline α-phase. It seems that the amount of PM in the diblock copolymer can affect the
PVDF crystallization in order to promote the desired β-phase.

3.3. Dielectric Spectroscopy Studies in PVDF and Its Copolymers

Figure 8 shows the BDS results for PVDF and its copolymers with PM. In particular,
Figure 8a–c displays dielectric spectra: the imaginary part of the complex dielectric permit-
tivity as a function of the frequency. The data presented correspond to the one collected by
isotherms from −100 to 0 ◦C in steps of 10 ◦C (measured on heating). The corresponding
experiments on cooling were nearly indistinguishable. In general, the relaxation processes
were characterized by a single maximum, which shifted towards higher frequencies and
increased in intensity as the temperature was increased.
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Figure 8. Dielectric spectra (imaginary part of the complex dielectric permittivity as a function of the frequency) for
(a) PVDF homopolymer, (b) PM23-b-PVDF77, (c) PM38-b-PVDF62, as well as dielectric relaxations of the studied samples at
(d) −70 ◦C and (e) −10 ◦C and (f) relaxation map of the studied samples.

At low temperatures (−100 ◦C to −60 ◦C), a weak and broad peak was observed for
all samples, although with different characteristics. PVDF displayed the highest intensity
peaks, reaching ε” values of around 0.1. In the case of the diblock copolymers, the intensity
of the relaxations decreased with PM content. We also observed that, as PM content
increased, the relaxation peaks maxima shifted towards higher frequencies. As an example,
Figure 8d shows the dielectric relaxations of the samples at −70 ◦C. In addition to the
differences already discussed, PVDF displayed a pronounced asymmetry towards low
frequencies (black arrow in Figure 8d). However, the relative intensity of this low-frequency
signal decreased for the samples containing PM blocks.

Comparing with previous literature reports, and taking into consideration the in-
tensity and position of the peaks, we were able to assign the low-temperature process
to the local β-relaxation of PVDF related to local motions of polar groups in the poly-
mer [73–76]. As the temperature was further increased (T > −60 ◦C), the relaxation peaks
suffered important changes. In all cases, as the maxima moved towards higher frequencies,
the peaks were narrower and showed a dramatic intensity increase. These changes in
the dielectric relaxation occurred at temperatures close to the glass transition of PVDF
(−43 to −23 ◦C) [77]. Thus, we could relate the changes to the α-relaxation of the PVDF.
This relaxation process is related to the segmental motion of the PVDF polymer chain tak-
ing place at temperatures above the glass transition (Tg), as widely reported [73–75,78,79].
Please notice that our experimental results showed a continuous change in the dielectric
spectra, going from the β- to α-relaxation, instead of separated peaks observed in previous
works [73–75,78,79]. Nonetheless, although in our current work the α-relaxation peak
could not be well resolved at low frequencies, the data showed an increased broadness at
T = −50 to −40 ◦C. The peak was better resolved in the PVDF sample than in PM-b-PVDF
copolymers, which indicates that the PVDF segmental relaxation was affected by the pres-
ence of PM units. In fact, in the −50–0 ◦C temperature range, PM-b-PVDF copolymers
showed lower segmental relaxation intensities and slightly faster dynamics compared to
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the PVDF. Figure 8e presents a comparison of the datasets at −10 ◦C where this evidence
can be observed.

Figure 8f shows the relaxation map of the samples. The relaxation time (τMAX) was
calculated from the maxima of the dielectric relaxation peaks. In all cases, we observed
two trends in the temperature dependence of relaxation times. At low temperatures
(−100 ≤ T (◦C) ≤ −60), the relaxation times followed an Arrhenius behavior, as described
by [80]:

τMAX = τ0 exp
[

EA
kT

]
(2)

where EA is the activation energy, k is Boltzmann’s constant, and τ0 a pre-exponential factor.
The obtained results are shown in Figure 8f as continuous lines and are summarized in
Table 4. For PVDF, we found EA = 42 kJ/mol, which increased slightly for the PM-b-PVDF
systems (~48 kJ/mol). These values are quite similar to the one reported before by Sy and
Mijovic (~43 kJ/mol) [73] for the local relaxation of PVDF, while slightly lower than that
observed by Linares and collaborators (~60 kJ/mol) [74].

Table 4. Arrhenius fit results for PVDF and its copolymers with PM.

Sample τ0
(s)

EA
(kJ/mol)

τ0
(s) D TVFT

(◦C)
Tg−BDS

(◦C)

PVDF 2 × 10−14±1 42 ± 1
10−14 21 ± 1

−151 ± 1 −80 ± 1
PM23-b-PVDF77 3 × 10−16±1 48 ± 1 −154 ± 1 −85 ± 1
PM38-b-PVDF62 2 × 10−16±1 47 ± 1 −155 ± 1 −86 ± 1

At temperatures above−60 ◦C, the relaxation times of the samples showed a deviation
from the low-temperature Arrhenius trend. In all the studied samples, a sort of “kink”
appeared at temperatures around −50 to −60 ◦C (see arrow in Figure 8f). We related
these changes to the effect of the segmental relaxation of PVDF on the relaxation times.
We also observed that the kink’s intensity was reduced in the block copolymer as the
PM content increased. These sorts of trends, or anomalies, have been reported before
for PVDF-based systems. For example, Sy and Mijovic observed a similar behavior in
local motions of semicrystalline PVDF/PMMA blends [73]. In that work, the temperature
dependence of the relaxation times of PVDF/PMMA blends was described as a grad-
ual crossover from local to segmental motions, which was clearly different from an α-β
merging. The 90/10 PVDF/PMMA showed the most pronounced kink, which decreased
as the PMMA content increased. However, the neat PVDF did not show this signature.
Martínez-Tong et al. [81] also observed a continuous transition in the dielectric relaxation
map of a PVDF copolymer with trifluoroethylene (PVDF-TrFE), with a VDF mol content
of 76%. In that work, the authors observed a crossover from the segmental relaxation to
the ferroelectric-paraelectric relaxation of the polymer. Just at the transition temperatures
(~47–57 ◦C), a small kink can be detected in the relaxation plot. Finally, very recently,
Napolitano and collaborators observed an anomalous behavior in the local relaxation of
PVDF copolymers with hexafluoropropylene (HFP) [76]. In their work, the dielectric relax-
ation experiments showed that, in the vicinity of Tg, the PVDF-HFP copolymers displayed
a so-called “anomalous minimum” in the local relaxation. The authors related their findings
to the bonds formed by fluorine entities, similar to those observed in propylene glycol
systems. Moreover, the authors also observed that the anomalous process weakened when
the PVDF-HFP samples were prepared as ultrathin polymer films. This nanoconfinement-
induced reduction in the anomaly was explained by means of the minimal model and
related to an asymmetry in the well potential describing the molecular motion. In this
work, we observed that PM-b-PVDF samples showed a reduction of the observed kink,
whose intensity decreased as PM content was increased. This could indicate that the PM
block is inducing local confinement effects on the samples.
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Finally, we attempted to model the data points in the −50–0 ◦C temperature range
using the Vogel–Fulcher–Tamman (VFT) equation, described by [80]:

τMAX = τ∞ exp
[

DTVFT

T − TVFT

]
(3)

where τ∞ is a pre-exponential factor, D is a dimensionless parameter related to the dynamic
fragility [82], and TVFT the Vogel temperature. The results obtained are summarized in
Table 4 and the fits are shown in Figure 8f by dashed lines. We highlight that the value
of τ∞ was set at 10−14 s, based on the discussion of Angell [82,83]. For all samples, we
obtained a D = 21, indicating a small deviation from an Arrhenius process. This value was
slightly larger than the ones reported before (D = 12–15) for PVDF [73,79]. However, it was
fairly comparable to the one obtained by Martínez-Tong and collaborators for the PVDF-
TrFE copolymer (D = 21.6). Finally, we were able to predict the dynamic glass transition
temperature (Tg−BDS) of the samples in our study from the VFT fit. This parameter was
defined as the temperature where the segmental relaxation time reached 100 s. The results
obtained, shown in Table 4, allowed to determine a Tg−BDS = −80 ◦C for PVDF. This
value decreased for the PM-b-PVDF samples with increasing PM content, which was
in line with the faster dynamics observed. The Tg−BDS obtained were lower than the
usual ones reported for PVDF by different methods (Tg = −63 to 23 ◦C) [84,85]. However,
we emphasize that both the PVDF and PM-b-PVDF copolymers have low molecular
weights (6–8 kDa), which would explain the obtained results. In addition, we should
take into account that, in semicrystalline polymers, the dynamics in the more amorphous
environments dominate the dielectric relaxation peak frequency position [86].

3.4. How the Isothermal Crystallization Affects PVDF Blends and Block Copolymer Samples

Figure 9 shows the spherulitic growth rate of PVDF, its copolymers and the prepared
blends as a function of the isothermal crystallization temperature. The high nucleation
density observed in the blends only allow us to measure spherulites at relatively high
crystallization temperatures. Experiments were performed by cooling the samples from
the melt to a chosen crystallization temperature in the range from 131 to 164 ◦C. Spherulitic
growth rates for each sample, G (µm/min), were determined at different crystallization
temperatures from the slope of radius versus time plots (which were always linear).

Figure 9a shows the spherulitic growth rate G (µm/min) as a function of Tc. As can be
seen, the growth rate is faster in the copolymers than in the blends and the homopolymer
sample in the low temperature range. However, the comparison is difficult, as the crystal-
lization ranges of the sample do not overlap. G dramatically decreases when the PVDF is
blended with PM. The supercooling required for crystallization increases when the PVDF is
blended with PM, as a result of the change in the equilibrium melting temperature. When
G is plotted as a function of supercooling (∆T = Tm

0 − Tc), using the equilibrium melting
temperatures (Tm

0) determined by the Hoffman–Weeks method, in Figure 9b, the curves
are now shifted along the x-axis reducing the differences between the overall crystallization
curves versus Tc. In this representation as a function of supercooling, it is easier to observe
the above mentioned trends.
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Figure 9. (a) Spherulitic growth rates determined by PLOM for homopolymer PVDF, the PVDF 
block of the diblock copolymers, and the PVDF phase within the blends studied and (b) spherulitic 
growth rates as a function of supercooling. The solid lines are the fits to the Lauritzen–Hoffman 
(LH) theory. 
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contributions). Differences in the PVDF polymorphism and its crystallization kinetics 
were observed depending on the structural forms of the respective samples. The Avrami 
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primary crystallization process in polymers and to plot several kinetic crystallization 
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crystallization temperature (Tc) for the different PVDF samples. The induction time is 
equivalent to the primary nucleation time before any crystallization is detected by the 
DSC. The inverse of the induction time is proportional to the primary nucleation rate of 
the PVDF components in the different samples. The nucleation rate depends on the 
composition and the nature of the samples. The nucleation rate of the PVDF block within 
the PM38-b-PVDF62 sample is faster than in the homopolymer sample, while in the blend, 
the PVDF phase has a slower nucleation rate.  

Figure 10b shows the inverse of the half crystallization rate (τ50%) versus the 
isothermal crystallization temperature (Tc). The 1/τ50% value is the inverse of the time 
needed to achieve the 50% of the total transformation to the semi-crystalline state during 
the isothermal crystallization process and represents an experimental measure of the 
overall crystallization rate, which includes both growth and nucleation contributions.  

Figure 9. (a) Spherulitic growth rates determined by PLOM for homopolymer PVDF, the PVDF block
of the diblock copolymers, and the PVDF phase within the blends studied and (b) spherulitic growth
rates as a function of supercooling. The solid lines are the fits to the Lauritzen–Hoffman (LH) theory.

It is unexpected that the growth rate (Figure 9b) of the PVDF component decreases
in the blends as compared to the neat PVDF. One possible explanation could be that even
though the blends are immiscible (as indicated by the DSC results), the molten PM-OH is
capable of interacting with the PVDF (though the OH group) reducing the PVDF diffusion
to the growth front.

In the diblock copolymers case, the growth rate of the PVDF block decreases as the PM
content in the copolymer decreases. It can also be noted that the temperature dependence
of the growth rate between the neat PVDF homopolymer and the PVDF blocks in the
diblock copolymers is very different. This is easily captured by the Lauritzen and Hoffman
fits, which are represented as solid lines in Figure 9.

Isothermal crystallization experiments were performed by DSC to determine the
overall crystallization rate of the samples (which include both nucleation and growth
contributions). Differences in the PVDF polymorphism and its crystallization kinetics were
observed depending on the structural forms of the respective samples. The Avrami theory
and the Lauritzen and Hoffman theory were employed [87,88] to describe the primary
crystallization process in polymers and to plot several kinetic crystallization parameters as
a function of the crystallization temperature.

Figure 10a shows the inverse of the induction time (t0) versus the isothermal crystal-
lization temperature (Tc) for the different PVDF samples. The induction time is equivalent
to the primary nucleation time before any crystallization is detected by the DSC. The
inverse of the induction time is proportional to the primary nucleation rate of the PVDF
components in the different samples. The nucleation rate depends on the composition and
the nature of the samples. The nucleation rate of the PVDF block within the PM38-b-PVDF62
sample is faster than in the homopolymer sample, while in the blend, the PVDF phase has
a slower nucleation rate.
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Figure 10. (a) 1/t0 as a function of crystallization temperature and inverse of half-crystallization time 
for the PVDF component of all samples shown as a function of (b) Tc and (c) ΔT for all the PVDF 
samples measured by DSC. The solid lines are the fits to the Lauritzen–Hoffman (LH) theory. 

Figure 10b reflects a combined trend of the observed nucleation behavior (Figure 9a) 
and the spherulitic growth behavior (Figure 9a). Both the PVDF homopolymer and the 
PM23PVDF77 blend exbibit the lowest overall crystallization rates. However, as in the 
overall crystallization, both nucleation and spherulitic growth rate contribute; in this case, 
1/τ50% does not decrease as dramatically as G for the rest of the materials. Therefore, the 
changes in nucleation density strongly affect the overall crystallization rates determined 
by DSC in these PVDF-based blend samples. Figure 10c shows these results when they 
are plotted against the supercooling (ΔT) and the curves are shifted in the x-axis 
standardizing the differences in crystallization temperature exhibited by the different 
samples. 

The Avrami theory is a useful tool to fit the overall crystallization kinetics of 
polymers during the primary crystallization regime [89–91]. The Avrami theory is given 
by the following equation: 

Figure 10. (a) 1/t0 as a function of crystallization temperature and inverse of half-crystallization time
for the PVDF component of all samples shown as a function of (b) Tc and (c) ∆T for all the PVDF
samples measured by DSC. The solid lines are the fits to the Lauritzen–Hoffman (LH) theory.

Figure 10b shows the inverse of the half crystallization rate (τ50%) versus the isother-
mal crystallization temperature (Tc). The 1/τ50% value is the inverse of the time needed
to achieve the 50% of the total transformation to the semi-crystalline state during the
isothermal crystallization process and represents an experimental measure of the overall
crystallization rate, which includes both growth and nucleation contributions.

Figure 10b reflects a combined trend of the observed nucleation behavior (Figure 9a)
and the spherulitic growth behavior (Figure 9a). Both the PVDF homopolymer and the
PM23PVDF77 blend exbibit the lowest overall crystallization rates. However, as in the
overall crystallization, both nucleation and spherulitic growth rate contribute; in this case,
1/τ50% does not decrease as dramatically as G for the rest of the materials. Therefore, the
changes in nucleation density strongly affect the overall crystallization rates determined by
DSC in these PVDF-based blend samples. Figure 10c shows these results when they are
plotted against the supercooling (∆T) and the curves are shifted in the x-axis standardizing
the differences in crystallization temperature exhibited by the different samples.

153



Polymers 2021, 13, 2442

The Avrami theory is a useful tool to fit the overall crystallization kinetics of polymers
during the primary crystallization regime [89–91]. The Avrami theory is given by the
following equation:

1−Vc(t− t0) = exp
(
−k(t− t0)

n) (4)

where Vc is the relative volumetric transformed fraction, t is the time of the experiment,
t0 is the induction time before the crystals start to grow, k is the overall crystallization
rate constant, and n is the Avrami index, which is related to the time dependence of the
nucleation and the crystal growth geometry.

By applying the Avrami equation to the isothermal crystallization curves at each
chosen crystallization temperature, it is possible to calculate the Avrami index (n), but
it is only possible when the crystallization starts at the isothermal temperature selected
and not during the cooling, as happened in the case of the PM. Figure 11a shows all the
n values for the crystallization of the PVDF component in all the samples studied dur-
ing this work. Usually, for polymers, n is between 1.5 and 4. When this value is higher
than 2.4, the crystals of the polymer grow as spherulites. In our case, all the samples
have an n value higher than 2.5 with the exception of the PM38-b-PVDF62 sample. For
the samples with an n value below 2.5, crystals grow in 2D, forming axialites. Figure 11b
shows the evolution of the k1/n value at different crystallization temperatures, and these
values are proportional to the overall crystallization rate. The comparison between
Figures 9b and 11b demonstrates that the theoretical results obtained through the Avrami
theory are really close to the experimental results obtained using the Lauritzen and Hoff-
man method as the trends in the data are similar(1/τ50%).
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Figure 11. (a) PVDF Avrami index values for all the temperatures used in the isothermal crystalliza-
tion and (b) isothermal crystallization rate obtained by the Avrami model.
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The value of the equilibrium melting temperature of each sample was calculated using
the Hoffman–Weeks method; see the Supporting Information. The values obtained are
listed in Table S2 in the Supporting Information.

The analysis of the heating curves after the isothermal crystallization processes may
allow us to know how the PVDF crystallizes and which crystalline phase is obtained after
these procedures. Figure 12 shows all the melting curves for the PVDF component in each
sample at all the isothermal crystallization temperatures studied. The Tc selected through
the Tc,min method are similar for the block copolymers and the homopolymer sample,
while the blends have higher Tc values.
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Figure 12. DSC PVDF melting curves after the isothermal crystallization at different tempera-
tures of (a) PVDF homopolymer, (b) PM23-b-PVDF77, (c) PM38-b-PVDF62, (d) PM23PVDF77, and
(e) PM38PVDF62 samples.

The PVDF homopolymer (Figure 12a) has two melting peaks when the isothermal
crystallization temperature used was low: one main peak at low temperatures and another
small peak at higher temperatures. The main peak corresponds to the β-phase, and the
second peak to the α-phase. When the crystallization temperature increases, the peak from
the α-phase starts decreasing until it disappears and a new peak appears at even higher
temperatures. This new peak corresponds to the crystalline γ-phase. This means that
the PVDF low molecular weight homopolymer sample can crystallize in all ferroelectric
phases when submitted to low cooling rates and also during an isothermal process at high
crystallization temperatures.

The behavior of the PVDF block in the diblock copolymers (Figure 12b,c) is completely
different from the homopolymer sample. In this case, only two melting peaks are observed
when the isothermal crystallization temperature used was low. In the case of the PM23-b-
PVDF77 sample, the main peak is observed at higher temperatures. When the crystallization
temperature increases, the first peak tends to disappear and only the main peak, which
belongs to the α-phase, remains.

For the PM38-b-PVDF62 sample, at low crystallization temperatures, the first melting
peak is promoted (β phase), but as the isothermal crystallization temperature is increased,
the size of this peak starts to decrease, and at high crystallization temperatures, only one
peak is observed, which also corresponds to the α-phase.

Both PM/PVDF blends (Figure 12d,e) have similar melting curves regardless of the
PM content. Both blends show three peaks at low isothermal crystallization temperatures:
The largest one is located at low temperatures and corresponds to the β-phase; then, there
is a shoulder at about 175 ◦C, which is the melting peak of the α-phase, and finally, the
last one at higher temperatures is the melting peak of the γ-phase. When the crystalliza-
tion temperature is increased, only the shoulder of the α-phase disappears, while both
ferroelectric phases remain.

As during isothermal crystallization, the PVDF component develops a complex poly-
morphic structure that changes with crystallization temperature; this helps to explain the
complex trends observed in the growth kinetics (Figure 9), nucleation rate (Figure 10a),
and overall crystallization rate (Figure 10c).
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4. Conclusions

The complex crystallization of PVDF was found to depend on the nature of its chemical
environment. We found significant differences in crystallization and polymorphic structure
depending on whether the PVDF was a homopolymer (the homopolymer of the diblock
copolymers), present as a block in the studied diblock copolymers, and present as a phase
in the blends. The crystallization conditions were also found to dramatically affect the
number and amount of the polymorphic crystalline phases produced.

DSC, PLOM, and TEM results clearly indicated that the blends prepared here are im-
miscible and phase segregate. On the other hand, the linear diblock copolymers crystallize
from a mixed melt or very weakly segregated melt according to SAXS, TEM, and PLOM.

We were able to clearly identify the different crystalline phases form by the PVDF
component in the different samples examined (i.e., α, β, and γ phases) by DSC, FTIR,
and WAXS. Their number and content varied depending on sample composition, cool-
ing rate employed, or isothermal crystallization temperature used during isothermal
crystallization tests.

The BDS results indicated that the PVDF block in the copolymers has lower Tg values
than the homopolymer, which was in line with the faster chain dynamics observed in
them. The spherulitic growth rates, nucleation rates, and overall crystallization rates were
determined, and different values were obtained depending on the sample. This is not
surprising considering that the melting after isothermal crystallization revealed that the
polymorphic structure of each sample varied during isothermal crystallization.

Supplementary Materials: The following are available online at https://www.mdpi.com/article/10
.3390/polym13152442/s1, Figure S1: 1H NMR (500 MHz) spectrum of CTA in (CD3)2CO at 40 ◦C.
Figure S2: 1H NMR (500 MHz) spectrum of Linear PVDF in DMF-d7 at 25 ◦C. Figure S3: 19F NMR
(500 Hz) spectrum of Linear PVDF in DMF-d7 at 25 ◦C. Figure S4: GPC trace (DMF, 40 ◦C, PS standard)
of linear PVDF (negative refractive index increment). Figure S5: Values of the intensity of the colours
against the temperature during the cooling process at 20 ◦C/min using the Image J software of (a)
PM23-b-PVDF77 and (b) PM38-b-PVDF62. Figure S6: Melting temperatures against crystallization
temperatures with their respective linear fit to calculate the equilibrium melting temperature using
the Hoffman–Weeks method. Table S1: Polymerization conditions and molecular characteristics of
the linear PVDF synthesised by RAFT polymerization. Table S2: Equilibrium melting temperature
(Tm

0) for the PVDF homopolymer, PVDF blends and PVDF block copolymers. Scheme S1: Synthesis
of PM-b-PVDF Diblock Copolymer by Polyhomologation and ITP.
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Abstract: Crystallization and phase separation in the melt in semicrystalline block copolymers (BCPs)
compete in defining the final solid state structure and morphology. In crystalline–crystalline di-block
copolymers the sequence of crystallization of the two blocks plays a definitive role. In this work
we show that the use of epitaxial crystallization on selected crystalline substrates allows achieving
of a control over the crystallization of the blocks by inducing crystal orientations of the different
crystalline phases and a final control over the global morphology. A sample of polyethylene-block-
syndiotactic polypropylene (PE-b-sPP) block copolymers has been synthesized with a stereoselective
living organometallic catalyst and epitaxially crystallized onto crystals of two different crystalline
substrates, p-terphenyl (3Ph) and benzoic acid (BA). The epitaxial crystallization on both substrates
produces formation of highly ordered morphologies with crystalline lamellae of sPP and PE highly
oriented along one direction. However, the epitaxial crystallization onto 3Ph should generate a single
orientation of sPP crystalline lamellae highly aligned along one direction and a double orientation
of PE lamellae, whereas BA crystals should induce high orientation of only PE crystalline lamellae.
Thanks to the use of the two selective substrates, the final morphology reveals the sequence of
crystallization events during cooling from the melt and what is the dominant event that drives the
final morphology. The observed single orientation of both crystalline PE and sPP phases on both
substrates, indeed, indicates that sPP crystallizes first onto 3Ph defining the overall morphology
and PE crystallizes after sPP in the confined interlamellar sPP regions. Instead, PE crystallizes first
onto BA defining the overall morphology and sPP crystallizes after PE in the confined interlamellar
PE regions. This allows for discriminating between the different crystalline phases and defining
the final morphology, which depends on which polymer block crystallizes first on the substrate.
This work also shows that the use of epitaxial crystallization and the choice of suitable substrate offer
a means to produce oriented nanostructures and morphologies of block copolymers depending on
the composition and the substrates.

Keywords: semicrystalline block copolymers; phase separation and crystallization; epitaxial crystal-
lization; nanostructures

1. Introduction

In semicrystalline block copolymers (BCPs) microphase separation arises from in-
compatibility of the blocks as in amorphous BCPs, or by crystallization of one or more
blocks [1]. Microphase separation in the melt of dissimilar blocks and crystallization
may compete and generate a wide range of morphologies [1–7]. The final morphology
is path dependent and is the result of this competition and of the interplay between
phase separation of the incompatible blocks and the crystallization of blocks [1–7]. Differ-
ent morphologies are possible depending on the composition of the BCP, the crystallization
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and glass transition temperatures of blocks and the order–disorder transition tempera-
ture. Various structures are obtained depending on which process between crystallization
and phase separation occurs first [8]. When crystallization occurs first, from a homoge-
neous melt, it drives the microphase separation and the final structure is defined by the
crystal morphology. If microphase separation occurs first, crystallization occurs from a
microphase separated heterogeneous melt, resulting in a crystallization confined within
preformed microdomains, or breaking out of the microphase separated structure formed in
the melt [7–19]. In crystalline–crystalline block copolymers the crystallization of the first
block may define the final morphology or be modified by the subsequent crystallization of
the other block [20–24].

BCPs containing blocks based on crystallizable stereoregular polyolefins have been
synthesized only recently thanks to the development of metal-based insertion polymer-
ization methods able to ensure a high stereochemical control in living olefin polymer-
ization [25], and studies on the crystallization and phase separation of BCPs contain-
ing linear polyethylene and isotactic and syndiotactic polypropylene have been pub-
lished [18,19,23,24,26,27].

Crystallizable block copolymers have been mainly studied in the past for their possi-
ble application as thermoplastic elastomers due to their improved mechanical properties
and better thermal stability. Moreover, the presence of a crystallizable component can be
exploited for controlling the final morphology through the control of crystallization and
orientation of the crystals [7]. In particular, a method for controlling the crystallization and
crystal orientation of semicrystalline polymers in thin films is the epitaxial crystallization on
suitable crystalline substrates [28]. This method allows the inducing of preferred orientation
of crystals of polymers on the substrate and/or crystallization of unstable crystal modifica-
tions [28]. Driving crystallization of specific polymorphic forms of polymers is of interest
to tailor materials’ properties [29]. Recently this method has been applied to crystalline
BCPs [7], resulting in the formation of highly ordered nanostructures with highly aligned
microdomains as a consequence of the orientation of the crystalline phase [7,15–19,23,24].

In this paper we report a study of the structure and morphology of a crystalline–
crystalline BCP composed of blocks of crystallizable polyethylene (PE) and syndiotactic
polypropylene (sPP) (PE-b-sPP). The two crystallizable PE and sPP components have been
epitaxially crystallized on two different crystalline substrates, that is, crystals of p-terphenyl
(3Ph) and benzoic acid (BA). The two different substrates induce selective and different
orientations of the two PE and sPP crystalline phases with a final morphology composed of
highly aligned lamellar domains with long crystalline sPP and PE lamellae aligned along
one direction. Thanks to the use of the two selective substrates, the final morphology
reveals the sequence of crystallization events during cooling from the melt and what is
the dominant event that drives the final morphology. We also show that use of epitaxial
crystallization and the choice of suitable substrate offer a means to produce different
oriented nanostructures and morphologies of BCPs depending on the BCP composition
and the substrates.

2. Materials and Methods

The sample of PE-b-sPP was prepared with a living organometallic catalyst, bis[N-(3-
tert-butylsalicylidene)-2,3,4,5,6-pentafluoroanilinato]-titanium(IV) dichloride (from MCAT,
Donaueschingen, Germany), activated with methylalumoxane (MAO) (from Lanxess,
Cologne, Germany) [30,31]. The molecular mass and the polydispersity of the sample
was determined by gel permeation chromatography (GPC), using a Polymer Laboratories
GPC220 apparatus equipped with a Viscotek 220R viscometer (Agilent Company, Santa
Clara CA, USA), on polymer solutions in 1,2,4-trichlorobenzene at 135 ◦C. The molecular
structure was analyzed by 13C NMR spectroscopy using a Varian VXR 200 spectometer
(Varian Company, Palo Alto, CA, USA).

The sample PE-b-sPP has a total molecular mass Mn = 22,000 g/mol with Mw/Mn = 1.2
and a sPP block longer than the PE block (Mn(sPP) = 18,900 and Mn(PE) = 3100) with
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20 mol% of ethylene, evaluated from 13C NMR spectrum (corresponding to 14 wt% of
PE). The molecular mass of the blocks was estimated from total Mn and wt% of PE or sPP,
such that Mn(PE) = Mn × 0.14 ≈ 3,100 g/mol and Mn(sPP) = Mn − Mn(PE) ≈ 18,900 g/mol.
The volume fraction of the PE block is f PE = 13% and was calculated from the molecular
masses Mn(PE) and Mn(sPP) and the densities of PE (0.997 g/cm3) and sPP (0.9 g/cm3) [32]
such that f PE = (Mn(PE) / 0.997) / (Mn(sPP) / 0.9 + Mn(PE) / 0.997). The 13C NMR spectrum
and the GPC trace of the sample PE-b-sPP are reported in the supporting information.

It is worth noting that the sample PE-b-sPP analyzed in this paper is different in terms
of molecular mass and relative lengths of PE and sPP blocks from the samples reported in
our previous paper [23]. The sample PE-b-sPP has, indeed, a PE block much shorter than
the sPP block with 13% volume fraction of PE, whereas in [23] a nearly symmetric sample
with f PE = 47% and a sample with higher molecular mass and f PE = 25% were analyzed.

Calorimetric measurements (DSC-822, Mettler Toledo, Columbus, OH, USA) were
performed under flowing N2 at heating and cooling rates of 10 ◦C/min. X-ray powder
diffraction profiles were obtained with Ni-filtered CuKα radiation with X-Pert diffractome-
ter (Panalytical, Malvern, UK). Diffraction profiles were also recorded in situ at different
temperatures during heating and cooling from the melt at about 10 ◦C/min using an
attached TTK Anton-Paar non-ambient stage. The sample was heated from 25 ◦C up to
the melt at 150 ◦C at nearly 10 ◦C/min and the diffraction profiles were recorded every
5 degrees starting from 105 ◦C up to 150 ◦C. Then, the sample was cooled from the melt at
150 ◦C down to 25 ◦C still at 10 ◦C/min and the diffraction profiles were recorded every
5 degrees during cooling. The temperature was kept constant during recording of each
diffraction profile during both heating and cooling.

Epitaxial crystallizations of the block copolymer on the crystals of p-terphenyl (3Ph)
or benzoic acid (BA) were performed following the procedure used for the PE [33–35] and
sPP [36] homopolymers. Thin films (thickness lower than 50 nm) of the BCP were cast at
room temperature on microscope glass slides from a p-xylene solution (0.2 wt%–0.5 wt%).
Slightly different procedures were used for producing crystals of 3Ph and BA substrates.
Single crystals of 3Ph were produced independently by slow cooling of a boiling acetone
solution; a drop of the suspension was deposited onto the polymer film at room tempera-
ture. After evaporation of the solvent, large (≈ 10–100 µm), flat crystals of 3Ph delimited
by large top and bottom (001) surfaces remain on the copolymer film (Figure 1A). This
composite material was heated to ≈ 180 ◦C to melt the sPP and PE for a short time to limit
sublimation of the 3Ph substrate, and then recrystallized by cooling at a controlled rate
(10–15 ◦C/min) to room temperature. During cooling sPP and PE crystallize epitaxially at
the interface with the 3Ph crystals. The 3Ph crystals were subsequently dissolved with hot
acetone. In the case of BA, powder of BA was spread on the BCP films; then, the polymer
film was melted along with BA (melting temperature of BA equal to 123 ◦C) at ≈180 ◦C to
melt both the BCP and BA and then the mixtures were crystallized by moving the slide
slowly down the temperature gradient of a hot bar (cooling rate 10–15 ◦C/min). On cool-
ing, the BA substrate crystals grow first through directional crystallization forming large,
flat, and elongated crystals aligned with the b axis parallel to the growth front direction
(Figure 1B) [35]. Then, the polymer crystallizes at lower temperatures epitaxially onto the
(001) exposed face of BA crystals. These crystals of BA were subsequently dissolved with
hot ethanol and the polymer film left on the glass.

The so obtained thin films crystallized onto 3Ph and BA were carbon-coated under vac-
uum in an EMITECH K950X evaporator (Quorum Technologies, Lewes, UK). To improve
contrast, the thin films were decorated with gold nanoparticles by vacuum evaporation
and condensation. After evaporation, gold condensates and deposits mainly at amorphous–
crystalline interface of the semicrystalline lamellae, allowing better visualization of crys-
talline phases. The films were then floated off on water with the help of a poly(acrylic
acid) backing and mounted on copper grids. Transmission electron microscope (TEM)
images in bright-field mode were taken in a FEI TECNAI G2 200kV S-TWIN microscope
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(electron source with LaB6 emitter) (FEI Company, Dawson Creek Drive, Hillsboro, OR,
USA). Bright-field (BF) TEM images were acquired at 120 or 200 kV.

Figure 1. Polarized optical microscope images of flat crystal of 3Ph with exposed (001) face (A) and
of directionally crystallized flat BA crystals (B). BA crystals are elongated and aligned with the b axis
parallel to growth front direction. BA single crystals with various thicknesses lead to different colors
under polarized light [37].

3. Results and Discussion

The X-ray powder diffraction profile of the as-polymerized sample PE-b-sPP is re-
ported in Figure 2. The diffraction profile shows the 200, 020 and 121 reflections of form
I of sPP at 2θ = 12.2◦, 16◦ and 20.7◦ [38,39] and the 110 and 200 reflections at 2θ = 21.4◦

and 23.9◦ of the orthorhombic form of PE [40] (profile a of Figure 2). This indicates that PE
and sPP blocks crystallize in their most stable polymorphic forms with a total degree of
crystallinity of nearly 40%.

The DSC thermograms of the sample PE-b-sPP recorded during first heating, suc-
cessive cooling from the melt and second heating of the melt-crystallized samples, all
recorded at 10 ◦C/min, are reported in Figure 3. The DSC heating curve of the as-prepared
sample shows two melting peaks at 124 and 137 ◦C, which can probably be attributed to
the melting of PE at low temperature and of sPP at high temperature. This agrees with the
melting temperature of 144 ◦C (data not shown) of the sPP homopolymer synthesized with
the same catalyst and in the same reaction conditions, consistent with a concentration of the
syndiotactic pentad rrrr of 91%. Since a similar stereoregularity is expected for the PE-b-sPP
copolymer, the slightly lower melting temperature (137 ◦C) is probably due to confinement
phenomena due to phase separation, or confined crystallization inside crystalline lamellae
of the other component [23,31].
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Figure 2. X-ray powder diffraction profiles of as-prepared specimen (a) and of sample crystallized
from the melt by cooling the melt at 10 ◦C/min (b) of the BCP sample PE-b-sPP with f PE = 13%.
The (200)sPP, (020)sPP, (211)sPP and (121)sPP reflections of form I of sPP at 2θ = 12.2◦, 16◦, 18.8◦ and
20.7◦ and the (110)PE and (200)PE reflections at 2θ = 21.4◦ and 23.9◦ of the orthorhombic form of PE
are indicated.

Figure 3. DSC thermograms of the sample PE-b-sPP with f PE = 13% recorded at scanning rate of
10 ◦C/min during heating of the as-prepared sample (a), cooling from the melt to room temperature
(b) and successive heating of the melt-crystallized sample (c).

It is worth noting that in our previous paper [23] different samples of PE-b-sPP BCPs
with different relative lengths of PE and sPP blocks have shown only one broad melting
peak due to the overlapping of PE and sPP melting. The shorter PE block of the sample
here analyzed has been suitably designed to separate the melting endotherms of PE and
sPP crystals, as actually occurs in the DSC heating curve of Figure 3a. However, also for
this sample the DSC cooling curve from the melt shows only one crystallization peak (curve
b of Figure 3), indicating overlapping of crystallization of PE and sPP blocks.

The X-ray diffraction profile of the sample crystallized from the melt in DSC at a
cooling rate of 10 ◦C/min is shown in Figure 2 (profile b). The diffraction profile of
Figure 2b shows the 200, 020 and 121 reflections of form I of sPP at 2θ = 12.2◦, 16◦ and 20.7◦

and the 110 and 200 reflections at 2θ = 21.4◦ and 23.9◦ of the orthorhombic form of PE, which
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are sharper than those in the diffraction profile of the as-prepared sample of Figure 2a. The
degree of crystallinity of the melt-crystallized sample is only slightly lower than that of the
as-prepared sample (about 40%). Moreover, the diffraction profile of the melt-crystallized
sample of Figure 2b shows, in addition, the presence of the 211 reflection at 2θ = 18.8◦,
typical of the ordered form I of sPP [38,39,41]. This indicates that the crystallization
from the melt induces the crystallization of a more ordered modification of form I of
sPP, characterized by a more ordered alternation of right-handed and left-handed 2/1
helical chains of sPP along the a and b axes of the orthorhombic unit cell of form I [39,41].
The absence of the 211 reflection in the diffraction profile of the as-prepared sample of
Figure 2a indicates that this sample is instead crystallized in a disordered modification of
form I characterized by disorder in the perfect alternation of enantiomophous helices along
both axes of the unit cell [38,39,41].

The DSC melting curve of the melt-crystallized sample of Figure 3c still shows two
separate melting endotherms at 124 and 137 ◦C of PE and sPP, respectively.

The X-ray diffraction profiles of the sample PE-b-sPP recorded at different tempera-
tures during heating and cooling from the melt down to room temperature, are reported
in Figure 4. The diffraction profiles of Figure 4A, recorded during first heating of the
as-prepared sample, and of Figure 4C, recorded after cooling from the melt during heating
of the melt-crystallized sample, show a decrease of the intensity of the diffraction peaks at
2θ = 21◦ and 24◦, corresponding to the 110 and 200 reflections of PE, at temperatures higher
than 120–125 ◦C (profiles e–g of Figure 4A and e–h of Figure 4C), while the intensities of
the 200 and 020 reflections of sPP at 2θ = 12 and 16◦, respectively, do not change up to
140 ◦C. This clearly indicates that crystals of PE melt at low temperatures and confirms that
the peak at 124 ◦C in the DSC heating curves of Figure 3a,c corresponds to the melting of
PE and the peak at 137 ◦C corresponds to the melting of sPP.

Figure 4. X-ray powder diffraction profiles of the sample PE-b-sPP with f PE = 13% recorded at different temperatures during
first heating of the as-prepared sample up to the melt (A), during cooling from the melt to room temperature (B) and during
successive heating of the melt-crystallized sample up to the melt (C). The (200)sPP, (020)sPP, (211)sPP and (121)sPP reflections
of form I of sPP at 2θ = 12.2◦, 16◦, 18.8◦ and 20.7◦ and the (110)PE and (200)PE reflections at 2θ = 21.4◦ and 23.9◦ of the
orthorhombic form of PE are indicated.

The diffraction profiles recorded during cooling form the melt at 150 ◦C to room
temperature of Figure 4B indicate that sPP and PE crystallize almost simultaneously,
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according to the single crystallization peak observed in the DSC cooling curve of Figure 3b,
although the 200, 020 and 121 reflections of sPP at 2θ = 12, 16 and 20.7◦ appear first, already
at 120 ◦C (profile c of Figure 4B), before the 110 and 200 reflections of PE that are well
visible only at 115 ◦C, along with all reflections of sPP (profile d of Figure 4B). Therefore,
during the slow cooling and the isothermal necessary to record the diffraction profile,
sPP crystallizes first at high temperatures (nearly 120 ◦C). The intensities of reflections
of both sPP and PE increase and become sharper upon further cooling and, as discussed
above (Figure 2b), the 211 reflection at 2θ = 18.8◦ of the ordered form I of sPP develops
(profiles e–i of Figure 4B).

The possible phase separation in the melt and the possible formation of phase sepa-
rated structures for PE-b-sPP BCPs has been discussed in the ref [31]. According to mean-
field theory, the order–disorder transition for symmetric BCPs occurs at a fixed interaction
strength for calculated values of χN = 10.5, where χ is the Flory–Huggins interaction param-
eter and N is the total number of equivalent segments that constitute the macromolecules of
the blocks of the BCP [31]. For non-symmetric BCPs the phase separation transition occurs
for higher values of χN. For polyolefin-based BCPs, the equivalent segments are assumed
as a portion of chains having the density of four CH2 units (four carbon atoms segment).
The Flory–Huggins interaction parameter χ between sPP and PE has been determined
in [31] as: χ = 6.2/T − 0.0053, with T the absolute temperature. For the sample PE-b-sPP
with total Mn = 22,000 and f PE = 13%, the total number of equivalent segments N that
constitute the macromolecules of the blocks is N = Mn/56 = 393 (where 56 is the molecular
mass of the four CH2 carbon atoms segment). Therefore, for this sample the order–disorder
transition temperature TODT may be calculated from χN ≥ 10.5 = (6.2/T − 0.0053)393 and
is expected to be lower than 0 ◦C. This indicates that crystallization of the sample PE-b-sPP
most likely takes place from a homogeneous melt.

Thin films (thickness lower than 50 nm) of the sample PE-b-sPP have been epitaxially
crystallized onto the (001) surfaces of crystals of p-terphenyl (3Ph) and benzoic acid (BA).
Epitaxial crystallization of PE and sPP homopolymers onto crystals of various organic
substances has been well-described and used as a tool for growing in thin films crystals
of various polymorphic forms with single-crystal or fiber-like orientations [28,33–36,42].
Polymer–polymer epitaxy, involving heteroepitaxy of sPP with PE and homoepitaxy has
been also described [43]. Epitaxial crystallizations of sPP and PE blocks when they are
parts of crystalline/amorphous or crystalline–crystalline block copolymers have also been
studied [7,15–19,23,24].

The TEM bright-field images of thin films of the sample PE-b-sPP crystallized by
simple casting from the polymer solution (without epitaxy) and of films epitaxially crys-
tallized onto 3Ph and BA are reported in Figure 5. The films have been coated with gold
particles to improve the contrast in the TEM observation and reveal details of the morphol-
ogy. The technique of gold decoration is used to visualize edge-on crystalline lamellae
of polymers in TEM bright-field images, especially in the case of low TEM amplitude
contrast between amorphous and crystalline phases, and to obtain a reliable value of the
lamellar periodicity [44,45]. The vaporized gold gathers, indeed, in the ditches made by the
interlamellar amorphous material and produces a regular pattern of gold particles, which is
observed in bright-field imaging [44–46]. In the case of homopolymers this generally pro-
duces thin layers of gold particles at the interface between amorphous and crystalline
lamellae, containing rows of essentially one gold particle thickness [44,45].
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Figure 5. TEM bright-field images of thin films of the sample PE-b-sPP with f PE = 13% crystallized
by simple solution casting without epitaxy (A) and epitaxially crystallized on the (001) surface of
crystals of 3Ph (B) and BA (C).

In all the images of Figure 5 the dark spots correspond to the gold particles that
presumably are located in the amorphous intra-lamellar phases of PE and sPP, that is, in
between the crystalline domains of PE or sPP, whereas the brighter regions correspond to
PE and/or sPP crystalline lamellae. It is apparent that in the case of the films crystallized
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without epitaxy in Figure 5A, the PE and sPP crystalline lamellae (the light stripes) are
randomly oriented and are not distinguishable. In the TEM images of the films epitaxially
crystallized onto 3Ph (Figure 5B) and BA (Figure 5C), the crystalline lamellae of PE or sPP
are in both cases highly aligned along one direction and oriented edge-on on the substrate
surface. The epitaxy produces a highly aligned lamellar structure with long crystalline sPP
and/or PE lamellae, with average thicknesses of 15 nm.

A single orientation of sPP lamellae on 3Ph and of PE lamellae on BA has been found
for the two homopolymers [35,36] and also in epitaxially crystallized crystalline-amorphous
BCPs, as in the case of sPP-b-EP [18] and PE-b-EP [15,19] (EP being an ethylene-propylene
amorphous random copolymer). More complex morphology is instead expected for the
crystallization of PE onto 3Ph, for which two different orientations of PE lamellae have
been observed in the case of PE homopolymer crystallized onto 3Ph [33].

However, thanks to the use of different substrates, the images of Figure 5B,C, although
very similar in term of induced single orientation of crystalline lamellae (sPP and PE),
reveal the sequence of crystallization events during cooling from the melt and what is the
dominant event that drives the final morphology. This information can be, indeed, revealed
through interpretation of the images of Figure 5B,C and from the epitaxial relationships
between polymer crystals and substrates crystals. The complex morphologies generated
in the epitaxial crystallization of the sample PE-b-sPP result from interactions between all
three components involved, sPP, PE and the crystalline substrate (3Ph or BA).

Both PE and sPP crystallize epitaxially onto crystals of 3Ph [28,33,34,36], and only PE
crystallizes epitaxially onto BA [7,15,19,24,28,34,35], whereas no epitaxy exists for sPP onto
BA. Epitaxial crystallization produces single crystal-like orientation of PE and sPP crystals
onto the (001) exposed face of 3Ph [28,33,34,36] and of PE crystals onto the (001) face of BA
crystals [34,35].

For sPP onto 3Ph, the (100) plane of crystals of form I of sPP is in contact with the
(001) plane of 3Ph; therefore, the crystalline sPP lamellae stand edge-on on the substrate
surface, oriented with the b and c axes of sPP parallel to the b and a axes of 3Ph, respectively
(Figure 6A) [36]. The chain axis of the crystalline sPP lamellae lies flat on the substrate
surface and oriented parallel to the a axis of 3Ph crystals (Figure 6A). This epitaxy is well
explained in terms of the crystal structures of 3Ph (unit cell with a = 8.05Å, b = 5.55 Å,
c = 13.59 Å, β = 91.9◦) [36] and form I of sPP (orthorhombic unit cell with axes a = 14.5 Å,
b = 5.6 Å or 11.2 Å, c = 7.4 Å) [38,39] and matching of the a3Ph = 8.05 Å and b3Ph = 5.55 Å
axes of 3Ph with the c = 7.4 Å and b = 5.6 Å axes, respectively, of form I of sPP [36]. The
epitaxial relationships between sPP and 3Ph crystals are, therefore, (Figure 6A):

Figure 6. Schemes of the single orientation of crystalline lamellae of sPP (A) and double orientations of PE lamellae
(B) onto the (001) face of 3Ph and of the single orientation PE lamellae onto the (001) face of BA (C), induced by epitaxial
crystallization [33,35,36].

(100)sPP//(001)3Ph
bsPP//b3Ph; csPP//a3Ph
In the case of PE/3Ph epitaxy, two different equivalent orientations of PE crystalline

lamellae are generated by crystallization onto the (001) face of 3Ph (Figure 6B) [33]. The
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(110) plane of PE is in contact with the (001) plane of 3Ph [33]. The PE lamellae stand
edge-on with the chain axes oriented parallel to the [110] and [110] directions of the 3Ph
crystal about 74◦ apart, as shown in the scheme of Figure 6B. This epitaxy and the selection
of the (110) plane as contact plane with the (001) plane of 3Ph is due to the matching
between the 4.45 Å interchain distance in the (110) plane of PE and the 4.60 Å interplanar
distance of the {110} planes of 3Ph [33]. The epitaxial relationships between sPP and 3Ph
crystals are, therefore, (Figure 6B):

(110)PE//(001)3Ph
cPE//[110]3Ph and//[110]3Ph
Therefore, the epitaxial crystallization of the sample PE-b-sPP onto 3Ph should give

oriented overgrowth of both crystals of sPP and PE, with a single orientation of sPP lamellae
(Figure 6A) and a double orientation of PE lamellae (Figure 6B) onto the (001) surface of
the 3Ph substrate [23].

In the case of PE/BA epitaxy, a single orientation of PE lamellae is generated by
crystallization of PE onto the (001) face of BA (Figure 6C). The chain axis of the crystalline
PE lies flat on the substrate surface and oriented parallel to the a axis of BA crystals, as in
the case of the PE homopolymer [35]. The (100) plane of PE is in contact with the (001) plane
of BA [35]; therefore, the crystalline PE lamellae stand edge-on on the substrate surface,
oriented with the b and c axes of PE parallel to the b and a axes of BA, respectively [35].
This epitaxy has been well explained in term of matching of the b = 4.93 Å and c = 2.53 Å
axes of the unit cell of PE orthorhombic form (a = 7.40 Å, b = 4.93 Å, c = 2.53 Å) [40] with
the b = 5.14 Å and a = 5.52 Å axes, respectively, of the BA unit cell (a = 5.52 Å, b = 5.14 Å,
c = 21.9 Å, β = 97◦) [35]. The epitaxial relationships between PE and BA crystals are,
therefore, (Figure 6C):

(100)PE//(001)BA
bPE//bBA; cPE//aBA
Therefore, based on the epitaxial relationships found for sPP and PE homopolymers

onto 3Ph and BA in Figure 6, a single orientation of sPP lamellae on 3Ph and of PE lamellae
on BA and a double orientation of PE lamellae onto 3Ph would be expected in the epitaxial
crystallization of the PE-b-sPP block copolymer. Moreover, no preferential orientation
of sPP crystals onto BA is expected. The TEM images of films of the sample PE-b-sPP
epitaxially crystallized onto 3Ph (Figure 5B) and BA (Figure 5C), instead, clearly show
that a single orientation of crystalline lamellae (PE and/or sPP) is obtained onto both 3Ph
and PE.

In the case of the crystallization onto 3Ph of Figure 5B, the obtained single orienta-
tion of the crystalline lamellae and the absence of double oriented lamellae of PE, as in
Figure 6B, indicate that the observed parallel lamellae oriented along one direction are of
the sPP blocks that, based on the Figure 6A, must have a single orientation with the c axis
of sPP parallel to the a axis of 3Ph. The crystallization of the sPP block with the expected
single lamellae orientation, therefore, defines the overall morphology of the whole epitaxi-
ally crystallized film with evident crystalline lamellae oriented along only one direction
(Figure 5B). This means that sPP must have crystallized first. None of the expected PE
lamellae with two different orientations 74◦ apart (Figure 6B) are visible. Therefore, PE
crystallizes after sPP in the confined inter-lamellar regions prescribed by the oriented sPP
lamellae. These trapped and thin PE lamellae are hardly visualized by the gold decoration.
The final morphology (Figure 5B) is, therefore, driven by the crystallization of sPP, in
agreement with the fact that the sPP block is longer than the PE block and according with
the X-ray diffraction data of Figure 4B that have indicated that sPP crystallizes first upon
cooling from the melt. A scheme of the final morphology representing the TEM image of
Figure 5B is shown in Figure 7A. PE lamellae are confined between sPP lamellae and follow
the orientation of the sPP lamellae that are aligned with the c and b axes of sPP parallel
to the a and b axes of 3Ph, respectively. Since the growth of PE is confined between sPP
lamellae and the epitaxy should produce different orientations of PE chain axes parallel to
the [110] and [110] directions of 3Ph (Figure 6B), it is most probable that PE lamellae are
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parallel to the sPP lamellae but are made of chains tilted with respect to their basal fold
surface, as shown in the model of Figure 7A. The tilting of PE chains with tilt angle of 45◦

to the lamellar normal has already been described [47–49]. Thus, in these systems, the stem
orientation is dictated by the epitaxy with 3Ph, but the fold surface orientation is dictated
by the orientation of the lamellae of the block that crystallizes first (sPP). Therefore, in the
confined sPP interlamellar regions, the trapped PE lamellae are parallel to the sPP lamellae
and oriented along the direction dictated by the sPP crystallization, with the PE chains
tilted at 74/2 = 37◦ to the lamellar normal (Figure 7A).

Figure 7. Models of the structures and morphologies that develop upon epitaxial crystallization of PE-b-sPP with f PE = 13%
onto the (001) surfaces of crystals of 3Ph (A) and BA (B). In A sPP crystallizes first onto 3Ph, forming lamellae aligned with
the c and b axes of sPP parallel to the a and b axes of 3Ph. PE crystallizes after sPP in the confined inter-lamellar regions
prescribed by the oriented sPP lamellae (A). In B PE crystallizes first onto BA forming lamellae aligned with the c and b axes
of PE parallel to the a and b axes of BA. sPP crystallizes after PE in the confined inter-lamellar regions prescribed by the
oriented PE lamellae (B).

The epitaxial crystallization of PE-b-sPP onto BA also produces single orientation of
crystalline lamellae aligned along one direction, the b axis of BA (Figure 5C). Since no
epitaxy exists for crystallization of sPP onto BA, random orientation of sPP lamellae is
expected, as in Figure 5A for crystallization of PE-b-sPP without substrate. This random
orientation is not observed in the morphology of Figure 5C. Therefore, the obtained
single orientation of the crystalline lamellae and the absence of random orientation of sPP
lamellae indicate that the observed parallel lamellae oriented along one direction are of the
PE blocks that, based on Figure 6C, must have a single orientation, with the c and b axes of
PE parallel to the a and b axes of BA, respectively. The crystallization of the PE block with
the expected single lamellae orientation, therefore, defines the overall morphology of the
whole epitaxially crystallized film with evident crystalline lamellae oriented along only
one direction (Figure 5C). This may be explained considering that, even though the sPP
block crystallizes first in the absence of substrates (Figure 4B) or onto 3Ph, the PE block
must have crystallized first in the presence of BA, or nearly contemporarily to the sPP
block. Therefore, sPP crystallizes after PE (or with PE) in the confined interlamellar regions
prescribed by the oriented PE lamellae. However, since the epitaxial crystallization of the
polymer blocks onto BA is preceded by the directional solidification of BA [7] that induces
alignment of the BCP microdomains along the b axis of BA (the growth front direction)
before and during the solidification and crystallization of the BCP, the process results in
alignment of both PE and sPP crystalline lamellae parallel to the b axis of BA. Then, epitaxy
of PE onto BA produces alignment of the c and b axes of PE parallel to the a and b axes
of BA, respectively. A scheme of the final morphology representing the TEM image of
Figure 5C is shown in Figure 7B. sPP lamellae are confined between PE lamellae and follow
the orientation of the PE lamellae. Since there is no preferred orientation of the c axis of
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sPP onto BA, it is probable that sPP lamellae are parallel to the PE lamellae with the chains
normal to their basal fold surface and parallel to the chain axis of PE, that is, the stem
orientation dictated by the epitaxy of PE onto BA (Figure 7B).

4. Conclusions

A sample of crystalline–crystalline PE-b-sPP block copolymers with 13% volume
fraction of the PE block was synthesized with a stereoselective living organometallic
catalyst. The structure and morphology of the PE-b-sPP block copolymer have been studied
in the bulk and in thin films epitaxially crystallized on crystals of 3Ph and BA substrates.

In both as-prepared and melt-crystallized samples of PE-b-sPP the sPP block crystal-
lizes in the stable form I and the PE block crystallizes in the orthorhombic form. Crystals
of PE and sPP melt at different temperatures, at 124 ◦C and 137 ◦C, respectively. The two
blocks crystallize from the melt by cooling at a controlled rate (10 ◦C/min) almost simulta-
neously, and only one exothermic peak is observed in the DSC cooling curve. However,
diffraction profiles recorded during cooling have demonstrated that the longer sPP block
crystallizes first.

Thin films of the sample PE-b-sPP were epitaxially crystallized onto the (001) surfaces
of crystals of p-terphenyl (3Ph) and benzoic acid (BA). The complex morphologies gener-
ated in the epitaxial crystallization result from interactions between all three components
involved, sPP, PE and the crystalline substrate (3Ph or BA). The epitaxial crystallization
produces oriented growth of both crystals of sPP and PE depending on the substrate, with
a single orientation of sPP lamellae onto the (001) surface of 3Ph crystals and a single
orientation of PE lamellae onto the (001) surface of BA, according to the epitaxy of sPP with
3Ph and PE with BA. Epitaxy of PE with 3Ph should instead produce a double orientation
of PE lamellae onto the (001) surface of 3Ph. The process also produces development of
ordered nanostructures composed of alternating lamellar domains of PE and sPP, guided
by the orientation of the sPP or PE crystalline lamellae.

TEM bright-field images provide details of the resulting morphology and reveal the
sequence of the crystallization events. In the case of the crystallization of PE-b-sPP onto
3Ph, highly oriented crystalline lamellae aligned along one direction are obtained. The
expected double orientation of PE lamellae onto the (001) surface of 3Ph is not observed.
This indicates that sPP crystallizes first and defines the overall morphology of the whole
epitaxially crystallized film, forming, according to epitaxy onto 3Ph, long lamellae oriented
along one direction with the c and b axis of sPP parallel to the a and b axes of 3Ph, respec-
tively. PE crystallizes after sPP in the confined inter-lamellar regions prescribed by the
oriented sPP lamellae.

The epitaxial crystallization of PE-b-sPP onto BA also produces single orientation of
crystalline lamellae aligned along one direction, the b axis of BA. Since no epitaxy exists
for crystallization of sPP onto BA, random orientation of sPP lamellae would be expected.
Therefore, the obtained single orientation of the crystalline lamellae and the absence of
random orientation of sPP lamellae indicate that the observed parallel lamellae oriented
along one direction are of the PE blocks that, according to the epitaxy of PE with BA, must
have a single orientation with the c and b axes of PE parallel to the a and b axes of BA,
respectively. The crystallization of the PE block defines the overall morphology of the
whole epitaxially crystallized film. This may be explained considering that the PE block
must have crystallized first in the presence of BA, or nearly contemporarily to the sPP
block. Therefore, sPP crystallizes after PE (or with PE) in the confined inter-lamellar regions
prescribed by the oriented PE lamellae. However, since the epitaxial crystallization of the
polymer blocks onto BA is preceded by the directional solidification of BA that induces
alignment of the BCP microdomains along the b axis of BA (the growth front direction)
before and during the solidification and crystallization of the BCP, the process results in
alignment of both PE and sPP crystalline lamellae parallel to the b axis of BA. Then, epitaxy
of PE onto BA produces alignment of the c and b axes of PE parallel to the a and b axes of
BA, respectively.
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These data show that the use of epitaxial crystallization and the choice of suitable
substrate offer a means to produce oriented nanostructures and morphologies of BCP
depending on the BCP composition and the substrates.
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Abstract: The confinement assembly of block copolymers shows great potential regarding the
formation of functional microparticles with compartmentalized structure. Although a large variety
of block chemistries have already been used, less is known about microdomain degradation, which
could lead to mesoporous microparticles with particularly complex morphologies for ABC triblock
terpolymers. Here, we report on the formation of triblock terpolymer-based, multicompartment
microparticles (MMs) and the selective degradation of domains into mesoporous microparticles.
A series of polystyrene-block-polybutadiene-block-poly(L-lactide) (PS-b-PB-b-PLLA, SBL) triblock
terpolymers was synthesized by a combination of anionic vinyl and ring-opening polymerization,
which were transformed into microparticles through evaporation-induced confinement assembly.
Despite different block compositions and the presence of a crystallizable PLLA block, we mainly
identified hexagonally packed cylinders with a PLLA core and PB shell embedded in a PS matrix.
Emulsions were prepared with Shirasu Porous Glass (SPG) membranes leading to a narrow size
distribution of the microparticles and control of the average particle diameter, d ≈ 0.4 µm–1.8 µm.
The core–shell cylinders lie parallel to the surface for particle diameters d < 0.5 µm and progressively
more perpendicular for larger particles d > 0.8 µm as verified with scanning and transmission electron
microscopy and particle cross-sections. Finally, the selective degradation of the PLLA cylinders under
basic conditions resulted in mesoporous microparticles with a pronounced surface roughness.

Keywords: 3D confinement; ABC triblock terpolymers; degradation; emulsification; microparticles

1. Introduction

Block copolymers (BCPs) were demonstrated to be highly versatile materials to pat-
tern surfaces and serve as templates for inorganic nanostructures [1,2]. They are also
prime candidates for the self-assembly in solution, giving access to diverse micelle mor-
phologies with tuneable dimensions [3,4], near-monodisperse fibres and platelets through
crystallization-driven self-assembly [5–7], and complex nanostructures through hierarchical
processes [8,9].

More recently, the microphase behaviour of BCPs in confinement has become another
versatile method of forming BCP nanostructures with particular interest for the design of
functional microparticles. With respect to AB diblock copolymers, a number of works clari-
fied the effect of block composition [10], architecture [11,12], evaporation rate [13,14], type
of surfactant [15–17] and emulsification method [18]. The focus progressively shifts towards
more complex compositions (e.g., BCP nanoparticle hybrids) [19,20], as well as functionality,
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including response to magnetic fields, temperature, and light [21–23]. Another way to in-
crease the functionality of the microparticles is the use of ABC triblock terpolymers [24–27]
that feature three sequentially linked blocks with different chemistries that are known
for their rich microphase behaviour [28–30]. Terpolymers in confinement have led to a
variety of confinement-specific morphologies and nanoparticles, e.g., nanotoroids from
lamella-ring morphology [31], nanocups from hemispherical lamella–lamellae [32] and
perforated discs from axially stacked perforated lamellae [33]. Especially in combination
with SPG membrane emulsification, the size of microparticles and nanoparticles can be
controlled rather precisely.

Although a range of morphologies has been explored so far, individual microdomains
or compartments have not been utilized much, regarding selective loading or removal,
to create defined channel systems or porosity. The latter could, however, prove useful
in the design of porous scaffolds for capture and release, catalysis, or the formation of
mesoporous carbon. There are multiple, conceivable ways to hollow out individual com-
partments, e.g., the use of additives (homopolymer, hydrogen [34] or halogen [35,36]
bonding) that can be washed out selectively or the use of degradable polymers. Among
these, poly(ε-caprolactone) (PCL) and polylactide (PLA) are the most prominent examples,
along with upcoming alternatives (e.g., polyphosphoesters) [37]. PLA and PCL and their
copolymers are part of active research, where ecologically more viable catalysts are cur-
rently being identified [38–40], as well as degradable materials [41] and nanostructures
with predetermined release profiles [42]. With respect to the confinement assembly of
degradable BCPs, only a few studies exist that address polystyrene-block-poly(D-lactide)
(PS-b-PDLA) BCPs [43–45]. There, the morphology was found to depend on the evapora-
tion rate, solvent quality and temperature, leading to helical PDLA cylinders embedded in
a PS matrix, axially stacked rings, or PDLA networks. Inspired by these works, we sought
to add another polymer block/domain to the system, in order to introduce a functional
surface layer after PDLA removal. In PS-b-PDLA microparticles, PDLA can be removed to
form pores, while the purpose of PS is to retain the shape and structural integrity of the
microparticles. Adding another block between PS and PDLA, e.g., polybutadiene (PB),
makes it possible to further utilize the surface layer of the pore system of the microparticles
for functionalization after PDLA removal (e.g., thiol-ene click chemistry). Therefore, the mi-
croparticles of PS-b-PB-b-PLLA (polystyrene-block-polybutadiene-block-poly(L-lactide), SBL)
could provide a route toward surface-functional, porous microparticles with a versatile
post-modification capability.

In this work, we lay the foundation for this direction by employing 3D confine-
ment assembly as a structuring method to form MMs of SBL triblock terpolymers with a
semi-crystalline and degradable PLLA microdomain. We studied the influence of block
composition on inner morphology, as well as the effect of SPG membrane pore diameter
on microparticle diameter and size distribution. Finally, microparticles were subjected to
basic conditions to analyse the selective degradation of the PLLA microdomain, resulting
in mesoporous microparticles.

2. Materials and Methods

All chemicals were used as received unless otherwise noted. Styrene (≥99.9%, ReagentPlus®,
Sigma-Aldrich, Taufkirchen, Germany) was purified over di-n-butylmagnesium ((n-Bu)2Mg).
1,3-Butadiene (gaseous, Messer Industriegase GmbH, Bad Soden, Germany) was passed
through columns filled with molecular sieve (4 Å) and basic aluminium oxide, condensed
into a glass reactor, and stirred over (n-Bu)2Mg at least two days prior to use [46]. Ethylene
oxide (3.0, Linde GmbH, Pullach, Germany) was condensed onto calcium hydride (CaH2)
and stirred at 0 ◦C for 3 h before being transferred into a storage ampoule [47]. Additionally,
ethylene oxide was purified over n-butyllithium at 0 ◦C directly before use, followed by
condensation into a glass ampoule. L-lactide (≥99.8%, PURASORB® L, Corbion, Am-
sterdam, The Netherlands) was recrystallized from toluene and stored under nitrogen
until use. Dichloromethane (DCM, ≥99.5%, AnalaR NORMAPUR, VWR International
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GmbH, Darmstadt, Germany) used for polymerization was dried by successive distillation
over CaH2. Triethylaluminium (Et3Al, 1 M in hexane, Sigma-Aldrich, Taufkirchen, Ger-
many), (n-Bu)2Mg (0.5 M in heptane, Sigma-Aldrich), n-butyllithium (1.6 M in hexanes,
AcroSeal®, Thermo Fisher Scientific, Geel, Belgium), sec-butyllithium (sec-BuLi, 1.3 M in
cyclohexane/hexane (92/8), AcroSeal®, Thermo Fisher Scientific, Geel, Belgium), sodium
dodecyl sulfate (SDS, >99%, Sigma-Aldrich, Taufkirchen, Germany), osmium tetroxide
(OsO4, 4 wt.% in H2O, Science Services, Munich, Germany), trimethylsilyl chloride (TMSC,
≥99%, Sigma Aldrich, Taufkirchen, Germany), chloroform (CHCl3, analytical grade, Merck
Chemicals GmbH, Darmstadt, Germany), sodium hydroxide (NaOH, 99.1%, VWR Inter-
national GmbH, Darmstadt, Germany), and methanol (MeOH, >99.9%, Thermo Fisher
Scientific, Geel, Belgium) were used as received. All polymerizations were performed
under a dry argon or nitrogen atmosphere using Schlenk techniques and glass reactors for
anionic polymerization to exclude moisture and air during the polymerization. Ultrapure
water from a Milli-Q Integral Water Purification System was used for the preparation of
emulsions and for purification.

2.1. Synthesis of SB-OH Precursors

The OH-terminated polystyrene-block-poly(1,4-butadiene) (PS-b-PB-OH, SB-OH) di-
block copolymers were synthesized by sequential anionic polymerization in toluene initi-
ated with sec-BuLi. The end-functionalization of the polymer was completed with ethylene
oxide. The polymer was precipitated from MeOH, filtered, and dried in vacuo.

2.2. Synthesis of SBL Triblock Terpolymers

The PLLA blocks were synthesized by anionic ring-opening polymerization accord-
ing to established recipes [48,49]. In brief, the synthesis of polystyrene-block-poly(1,4-
butadiene)-block-poly(L-lactide) (PS-b-PB-b-PLLA, SBL) was realized by polymerization of
L-lactide with DBU as a catalyst and SB-OH as macroinitiator in DCM. In the terpolymer
notation employed here (AxByCz), the subscripts denote the number average degree of
polymerization of the respective block (Table 1).

Table 1. Composition of used SBL triblock terpolymers.

Code Pn
a fS

b fB fL Mn
c Ð d

SBL-10 S118B310LLA27 0.49 0.41 0.10 40,100 1.12
SBL-37 S118B310LLA150 0.34 0.29 0.37 57,900 1.14
SBL-52 S118B310LLA280 0.26 0.22 0.52 76,000 1.17
SBL-56 S295B292LLA408 0.29 0.15 0.56 105,300 1.08

a Pn is the number average degree of polymerization and b fn the weight fraction of each block. c Number average
molecular weight determined through a combination of SEC and 1H-NMR. d Dispersity values determined with
SEC (see Section 2.7).

2.3. Preparation of SBL Bulk Films

Before preparation of bulk films, each vial was hydrophobized with trimethylsilyl
chloride prior to use. For each bulk film, 30 mg of SBL triblock terpolymer was dissolved
in 1 mL DCM and stirred for 1 h, followed by slow evaporation of DCM over 5 days. After
bulk film formation, the film was removed by cooling the vial with liquid nitrogen and
breaking the glass vial.

2.4. Preparation of SBL Microparticles

SBL triblock terpolymers were dissolved in CHCl3 at a concentration of c = 10 g L−1

and stirred overnight prior to emulsification. A stock solution of SDS with a concentration
of c = 5 g L−1 was prepared as the continuous phase and 35 mL was used for each
emulsification experiment. The emulsification process used a SPG membrane with different
pore diameters of dpore = 0.3, 0.5, 0.8, 1.1 and 2.0 µm. The 50 mL reservoir was stirred
at 250 rpm while argon pressure continuously pressed the polymer solution through the
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membrane. After emulsification, the organic phase evaporated over three days at room
temperature before the solid SBL microparticles were dialyzed against ultrapure water.
The dialysis bath was exchanged 5 times to remove excess SDS.

2.5. Degradation of SBL Microparticles

The SBL microparticles were degraded in solution according to the literature [43]. The
microparticles were dispersed in a NaOH solution (c = 20 g L−1) of H2O/MeOH (40/60 v/v)
to yield a microparticle concentration of c = 1 g L−1. The particle suspension was stirred
for 5 days. After degradation, the remaining MMs were dialyzed against ultrapure water
to remove NaOH and impurities.

2.6. Nuclear Magnetic Resonance (NMR) Spectroscopy

The SBL triblock terpolymers were characterized by 1H-NMR spectroscopy (Bruker
Ultrashield 300 spectrometer, Bruker Corporation, Billerica, MA, USA) using CDCl3 as
solvent. The signal assignment was supported by simulations with the NMR software
MestReNova. Absolute number average block lengths were determined from the 1H-
NMR spectra, employing the number average molecular weight (Mn) of the PS precursor,
determined by SEC with PS calibration for signal calibration.

2.7. Size-Exclusion Chromatography (SEC)

SEC measurements were performed on a SEC 1260 Infinity system (Agilent Technolo-
gies, Santa Clara, CA, USA) with two PSS-SDV gel columns (particle size = 5 µm) with
porosity range from 102 to 105 Å (PSS, Mainz, Germany). CHCl3 (HPLC grade) was used
as eluent. All samples were dissolved and filtered through a 0.2 µm PTFE filter before
analysis. The samples were measured at a flow rate of 0.5 mL min−1 at 23 ◦C, using a
refractive index detector (Agilent Technologies, Santa Clara, CA, USA). The calibration
was completed with narrowly distributed PS standards (PSS calibration kit), and toluene
(HPLC grade) was used as internal standard.

2.8. Differential Scanning Calorimetry (DSC)

Calorimetric measurement of the SBL bulk films was performed on a Phoenix 204 F1
(Netzsch, Selb, Germany) instrument using aluminium crucibles (pierced lid) and nitrogen
as carrier gas. The temperature range was selected from −150 ◦C to 200 ◦C (liquid N2
cooling) with scanning rates of 10 K min−1.

2.9. Transmission Electron Microscopy (TEM)

SBL microparticles were analysed on a JEOL JEM-1400 Plus TEM operating at an
acceleration voltage of 120 kV. The diluted particle dispersion (c = 0.3 g L−1) was dropped
on a carbon-coated copper grid. The sample was blotted with a filter paper after 30 s and
the grid was dried for at least 12 h. The samples were stained with OsO4 for 1 h before
analysis. The TEM images were processed with ImageJ (version 1.53c).

2.10. Scanning Electron Microscopy (SEM)

The surface and shape of the microparticles were recorded on a cryo-field emis-
sion Zeiss Crossbeam 540 FIB-SEM equipped with lens-, chamber-, and energy-selective
detectors for 16 Bit image series acquisition with up to a 40,000 × 50,000-pixel resolu-
tion. Samples were prepared by dropping 20 µL of dispersion with a concentration of
c = 0.3 g L−1 on a silicon wafer. The solution was blotted with a filter paper after 30 s
and the wafer was dried for at least 12 h. Before recording images, a Pt-Cd layer of 6 nm
was sputtered onto the sample using a Quorum PP3010T-Cryo chamber with integrated
Q150T-Es high-end sputter coater and Pt–Cd target.
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2.11. Ultra-Sectioning of SBL Microparticles

Freeze-dried SBL microparticles were embedded in 3D Rapid Resin CLEAR 3DR3582C,
cured by UV light (λ = 365 nm), and sectioned with a Reichert/Leica Ultracut E microtome
(Leica Microsystems, Wetzlar, Germany). A section velocity of around 1 mm s−1 with
an inclination angle of 6 degrees was used to gain cross-sectional slices of about 70 nm
thickness. For TEM imaging, cross-sections were transferred on a carbon-coated copper
grid. The PB domains were selectively stained with OsO4 for 3 h and followed by sputtering
the samples with a carbon coating of 10 nm before imaging.

2.12. Raman Spectroscopy

The Raman spectra of the SBL-56 microparticles before and after hydrolytic degrada-
tion of the PLLA block were taken with a WITec alpha 300 RA+ imaging system (WITec
GmbH, Ulm, Germany), equipped with an UHTS 300 spectrometer and a back-illuminated
Andor Newton 970 EMCCD (electron multiplying charge-coupled device) camera. For the
measurements an excitation wavelength of λ = 532 nm and a 50× objective (Zeiss LD EC
Epiplan-Neofluar, NA = 0.55) together with the WITec suite FIVE 5.3 software package
were used. Spectra were acquired using a laser power of 10 mW, an integration time of
0.5 s and 50 accumulations. All spectra were subjected to a cosmic ray removal routine and
base line correction. Samples were prepared by placing some drops of the dispersions onto
glass slides followed by drying.

2.13. Dynamic Light Scattering (DLS)

SBL microparticles were measured on a LSI spectrometer (Fribourg, Switzerland)
operating with a DPSS Cobolt laser (max. 100 mW constant output at λ = 660 nm). Samples
were prepared at a concentration of c = 0.06 g L−1 and purified three times from dust
by passing the sample solution through a PTFE filter with a pore size of 5 µm directly
into cylindrical quartz cuvettes (d = 10 mm), which were flushed with compressed air
before measurement. Three intensity–time autocorrelation functions were measured at a
scattering angle of 90◦ and an acquisition time of 60 s. Recorded data were analysed with
the LSI software package (v.63).

3. Results and Discussion

We first synthesized SBL triblock terpolymers with different weight fractions of the
poly(L-lactide) (PLLA) block ( fL = 0.1–0.56) to prepare MMs with different morphologies.
For the SBL syntheses, a two-step procedure was employed as summarized in Scheme 1.
First, a hydroxy-terminated polystyrene-block-poly(1,4-butadiene) (SB-OH) precursor was
prepared by sequential living anionic polymerization of styrene and 1,3-butadiene in
toluene, followed by quantitative end capping with ethylene oxide. Subsequently, SB-OH
was used as macroinitiator for the anionic ring-opening polymerization of L-lactide in
DCM in the presence of DBU as catalyst. This yielded a series of SBL triblock terpolymers
(Table 1), SBL-10, SBL-37, and SBL-52, as well as SBL-56, synthesized from two different
SB-OH precursors (S118B310-OH and S295B292-OH). In the used SBL-X notation, X stands
for the weight fraction of the PLLA block.

According to SEC, all synthetic steps proceeded without significant side reactions,
resulting in narrowly distributed SBLs with dispersities of Ð ≈ 1.1–1.2 (Figure 1A,B and
Table 1). In the 1H-NMR spectra, the signal at 5.2 ppm can be assigned to the methine
protons of the PLLA repeating unit, showing an increasing peak area in the series SBL-10 to
SBL-56 (Figure 1C). The final composition of the SBL triblock terpolymers was calculated
by comparing the signals of PS, PB and PLLA, whereas the molecular weight of PS obtained
from SEC served as a reference. In order to probe whether the PLLA block is able to
crystallize, differential scanning calorimetry (DSC) was performed on SBL bulk films,
which were cast from DCM (Figure 1D). Here, only the first heating traces, i.e., the thermal
properties directly after film casting, were considered, as these came closest to the thermal
properties of the SBL microparticles. For SBL-10, no melting endotherm could be observed
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for the PLLA block, most likely due to its low volume fraction. In addition, SBL-10 showed
only one glass transition temperature (Tg), being located in between the expected Tg-values
of PS (Tg = 100 ◦C) and PLLA (Tg = 50 ◦C), pointing to the formation of a mixed amorphous
PS/PLLA phase. For SBL-37, SBL-52, and SBL-56 melting endotherms confirmed that a
partial crystallization of PLLA occurs upon film casting with increasing PLLA content.
This effect is most pronounced for SBL-56, which has the highest PLLA fraction as well as
highest overall molecular weight.

Polymers 2021, 13, x FOR PEER REVIEW 6 of 15 
 

 

 
Scheme 1. Synthesis of SBL triblock terpolymers. Sequential anionic polymerization of styrene 
and 1,3-butadiene, and termination with oxirane leads to OH-modified polystyrene-block-poly(1,4-
butadiene) (SB-OH). Anionic ring-opening polymerization of L-lactide afforded the SBL triblock 
terpolymers. 

According to SEC, all synthetic steps proceeded without significant side reactions, 
resulting in narrowly distributed SBLs with dispersities of Đ ≈ 1.1–1.2 (Figures 1A,B and 
Table 1). In the 1H-NMR spectra, the signal at 5.2 ppm can be assigned to the methine 
protons of the PLLA repeating unit, showing an increasing peak area in the series SBL-10 
to SBL-56 (Figure 1C). The final composition of the SBL triblock terpolymers was calcu-
lated by comparing the signals of PS, PB and PLLA, whereas the molecular weight of PS 
obtained from SEC served as a reference. In order to probe whether the PLLA block is able 
to crystallize, differential scanning calorimetry (DSC) was performed on SBL bulk films, 
which were cast from DCM (Figure 1D). Here, only the first heating traces, i.e., the thermal 
properties directly after film casting, were considered, as these came closest to the thermal 
properties of the SBL microparticles. For SBL-10, no melting endotherm could be observed 
for the PLLA block, most likely due to its low volume fraction. In addition, SBL-10 showed 
only one glass transition temperature (𝑇௚), being located in between the expected 𝑇௚-val-
ues of PS (𝑇௚ = 100 °C) and PLLA (𝑇௚ = 50 °C), pointing to the formation of a mixed amor-
phous PS/PLLA phase. For SBL-37, SBL-52, and SBL-56 melting endotherms confirmed 
that a partial crystallization of PLLA occurs upon film casting with increasing PLLA con-
tent. This effect is most pronounced for SBL-56, which has the highest PLLA fraction as 
well as highest overall molecular weight. 

Scheme 1. Synthesis of SBL triblock terpolymers. Sequential anionic polymerization of styrene and
1,3-butadiene, and termination with oxirane leads to OH-modified polystyrene-block-poly(1,4-butadiene)
(SB-OH). Anionic ring-opening polymerization of L-lactide afforded the SBL triblock terpolymers.

Polymers 2021, 13, x FOR PEER REVIEW 7 of 15 
 

 

 
Figure 1. Characterization of the SBL triblock terpolymers. (A,B) SEC traces for the two series of 
terpolymers based on S118B310-OH and S295B292-OH macroinitiators and the respective PS precursors. 
(C) 1H-NMR spectra of all SBLs with characteristic PLLA peak being highlighted and (D) DSC first 
heating traces of bulk films cast from DCM. 

After SBL synthesis, we obtained MMs through SPG membrane emulsification fol-
lowed by the evaporation of the organic solvent (evaporation-induced confinement as-
sembly (EICA)). Scheme 2 outlines the process of obtaining SBL MMs. The SPG method 
utilizes porous glass membranes through which the polymer solution is pressed into the 
continuous surfactant phase to generate emulsion droplets of a homogeneous size. For 
that, SBL was first dissolved in CHCl3 at a concentration of 𝑐SBL ൌ 10 g L-1 and stirred 
overnight prior to emulsification. To form the oil-in-water (O/W) emulsion, the SBL solu-
tion was pushed through the SPG membrane with argon pressure into the continuous 
phase consisting of an aqueous sodium dodecyl sulfate solution (SDS, 𝑐SDS ൌ 5 g L-1). De-
pending on the pore size of the membrane, the SBL solution was completely emulsified 
within 2–3 h and CHCl3 was evaporated over three days under an ambient atmosphere 
while gently stirring the emulsion. We utilized five different membrane pore sizes (dpore = 
0.3, 0.5, 0.8, 1.1, and 2.0 µm) to investigate the size distribution and morphology of each 
of the SBL MMs. 

Figure 1. Characterization of the SBL triblock terpolymers. (A,B) SEC traces for the two series of
terpolymers based on S118B310-OH and S295B292-OH macroinitiators and the respective PS precursors.
(C) 1H-NMR spectra of all SBLs with characteristic PLLA peak being highlighted and (D) DSC first
heating traces of bulk films cast from DCM.

182



Polymers 2021, 13, 4358

After SBL synthesis, we obtained MMs through SPG membrane emulsification fol-
lowed by the evaporation of the organic solvent (evaporation-induced confinement assem-
bly (EICA)). Scheme 2 outlines the process of obtaining SBL MMs. The SPG method utilizes
porous glass membranes through which the polymer solution is pressed into the continuous
surfactant phase to generate emulsion droplets of a homogeneous size. For that, SBL was
first dissolved in CHCl3 at a concentration of cSBL = 10 g L−1 and stirred overnight prior
to emulsification. To form the oil-in-water (O/W) emulsion, the SBL solution was pushed
through the SPG membrane with argon pressure into the continuous phase consisting of an
aqueous sodium dodecyl sulfate solution (SDS, cSDS = 5 g L−1). Depending on the pore size
of the membrane, the SBL solution was completely emulsified within 2–3 h and CHCl3 was
evaporated over three days under an ambient atmosphere while gently stirring the emul-
sion. We utilized five different membrane pore sizes (dpore = 0.3, 0.5, 0.8, 1.1, and 2.0 µm)
to investigate the size distribution and morphology of each of the SBL MMs.
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Scheme 2. Preparation of the SBL MMs through SPG membrane emulsification and evaporation-
induced confinement assembly. (A) Emulsification of SBL with the SPG membrane. (B) Microemul-
sion droplets of SBL/CHCl3 in aqueous solution stabilized by SDS. (C) Resulting MMs after solvent
evaporation process.

We started our analytics by first verifying the suitability of the SPG method to form
MMs from SBL triblock terpolymers. Figure 2 summarizes the results of SBL-37 MMs
fabricated with a pore diameter of dpore = 0.5 µm. DLS measurements suggest a narrow
size distribution of the SBL-37 particles, as the CONTIN analysis shows a narrow fit with
an average hydrodynamic diameter of Dh = 490 nm (Ð = 0.15) (Figure 2A). According
to SEM analysis (Figure 2B), the SBL-37 MMs exhibited an average particle diameter of
d = 388 ± 48 nm and were frequently arranged in a hexagonal lattice upon drying on the
silicon wafer corroborating the narrow size distribution realized with the SPG method.
The Dh of the SBL-37 MMs is slightly larger than the diameter in SEM, which we attribute
to shrinking due to e-beam damage (mostly degrading the PLLA block). Nevertheless,
the Dh fits with the expected particle size produced with a 0.5 µm pore diameter of the
SGP membrane.
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Figure 2. SBL-37 MMs prepared with the membrane dpore = 0.5 µm. (A) Size distribution from DLS CONTIN plot. (B)
SEM overview image and close-up (scale bars 1000 nm). (C) TEM image of the SBL-37 bulk morphology (scale bar 500 nm)
and (D) TEM of cross-sections of embedded SBL-37 MMs (dpore = 2.0 µm) visualizing the inner morphology (TEM samples
stained with OsO4 to enhance the contrast of PB; PLLA appears brightest, scale bars 1000 nm and 500 nm in inset).

SEM further revealed a striped surface of the SBL-37 MMs (Figure 2B) indicating a
lamella or cylinder morphology. At weight fractions of fS = 0.34, fB = 0.29, and fL = 0.37,
a lamella–lamella morphology is more likely, but the close-up SEM image of Figure 2B
clearly shows that some particles have a flat side revealing hexagonally packed cylinders.
Although it is surprising to find a core–shell cylinder morphology with a PLLA core and
PS shell at such a large fL = 37, the corresponding TEM image of the bulk morphology
corroborates this morphology (Figure 2C). Before TEM imaging, the sample was stained
with OsO4 to enhance the contrast of the PB microdomains, which appear dark (PS light
grey, PLLA bright). As we will see later, the core–shell cylinder morphology is stable even at
fL > 0.37. Due to the anisotropy of the PLLA cylinder phase, the particles were not able to
fully close into spheres in some cases, and therefore developed a flat side with a hexagonal
perforation. The otherwise striped ’baseball‘ surface pattern is a typical defect pattern that
cylinders develop in or on spherical surfaces [50–54]. In order to gain information about
the internal structure of the microparticles, ultrathin cross-sections were generated from
the largest dpore = 2.0 µm (Figure 2D). The close-up TEM image of a single SBL-37 particle
in Figure 2D verifies the core–shell cylinder morphology and their hexagonal packing. The
cylinders do not appear to have a fully circular cross-sections, but instead show rectangular
features. Such a deformation was observed before for core–shell cylinders of polystyrene-
block-polybutadiene-block-poly(ε-caprolactone) (SBC) triblock terpolymers with a semi-
crystalline PCL core block, but with a lower fC = 0.16 [55,56]. We therefore attribute the
deviation from the spherical cross-section of the cylinders to the semi-crystalline nature of
PLLA. If the SBL core–shell cylinders undergo one complete revolution along the curved
microparticle interface, they close into core–shell rings (or toroids), an idea that was also
previously reported for PS-b-PB-b-PtBMA (PtBMA = poly(tert-butyl methacrylate) [26].
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To investigate the effect of membrane pore diameter on the inner morphology, we
emulsified SBL-37 with five different dpore = 0.3, 0.5, 0.8, 1.1, and 2.0 µm, and analysed the
size and inner structure with TEM, SEM and DLS (Figures 3 and S1). The SEM overview
images exhibit a narrow size distribution for each sample implying a good control over
the process ( Figure 3A). The DLS measurements in Figure S1 confirm a monomodal and
narrow size distribution for all SBL-37 MMs and an increasing Dh with pore size. As
expected, the average diameter of the particles increases with the pore diameter from
about 390 nm to 1800 nm. The cylinder morphology remains for all SBL-37 MMs, which
is not that clear from the TEM images but more visible in SEM due to the characteristic
surface pattern. For smaller particles (e.g., dpore = 0.5 µm, Figure 3B middle row) the
cylinders preferentially lie parallel to the particle surface (striped baseball pattern). In
contrast, core–shell cylinders are able to orientate perpendicular to the particle surface
for larger particles, leading to a hexagonal pattern and perforations (e.g., dpore > 0.8 µm,
Figure 3C–E, middle row). TEM images of all SBL-37 MMs were recorded to determine the
internal structure and detect any size-dependent changes in the microphases (Figure 3B).
The internal structure for the smallest SBL-37 MMs (dpore = 0.3 and 0.5 µm) is visible
in transmission (larger particles are rather dark). With decreasing particle diameter, the
SBL-37 triblock terpolymer is more confined during emulsification. While the size of the
microdomains remains unchanged, the smaller diameter means a stronger curvature, and
thus higher degree of confinement, D/L0. Each block is therefore forced to adapt to the
curvature resulting in less-ordered structures. Conversely, microphase separation in larger
particles approaches thermodynamic equilibrium and results in a more-ordered core–shell
cylinder morphology (close to the bulk case). Nevertheless, all SBL-37 MMs exhibit a
core–shell cylindrical morphology, suggesting that the pore diameter has little effect on the
morphology itself, but rather on the orientation of the morphology.
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Next, we explored the shape and internal structure of all other SBLs. In this case,
the fL varied from fL = 0.10 to fL = 0.56. Since the inner order of the SBL MMs is best
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visible for smaller particle sizes, Figure 4 summarizes MMs fabricated with a dpore = 0.5 µm.
According to TEM, an onion-like morphology is obtained for SBL-10 (Figure 4A). SBL-10
exhibits the lowest fL, and the PLLA microdomain does not seem to have any impact on
the final morphology, most likely due to the mixing of PS and PLLA chains (supported
by only one Tg in DSC, see Figure 1D). Since fS ≈ fB, SBL-10 is arranged in an onion-like
(concentric lamellar) structure of alternating PS and PB lamellae in which PLLA might
even be mixed with PS. Both SBL-37 and SBL-52 MMs clearly form a cylinder morphology,
although the fL of both SBLs is quite different from each other (Figure 4B,C). Since SBL-37
with fL = 0.37 already formed a core–shell cylinder morphology, as discussed in Figure 2,
this morphology appears to have a rather large stability region (it is also in agreement with
the bulk morphology). The main difference is the core diameter of the PLLA microphase,
which increased from dcyl = 13 nm for SBL-37 to dcyl = 15 nm for SBL-52. Finally, SBL-56
has the largest fL and exhibited a core–shell cylinder morphology, yet, was arranged as
hexagonally packed and axially stacked hoops (Figure 4D). The PS still constitutes the
matrix of the MMs, even though, with fS = 0.29, it constitutes the minority phase.
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Finally, the hydrolysis of the SBL MMs prepared with dpore = 0.3 µm was studied to
selectively remove the PLLA domains, and thus fabricate porous microparticles. Start-
ing with SBL-56, which had the highest PLLA fraction, hydrolysis was performed for
5 days under basic conditions by stirring the SBL-56 MMs in a H2O/MeOH mixture
(60/40 v/v) containing 20 g L−1 NaOH. We first analysed the morphology in TEM before
(Figure 5A) and after degradation (Figure 5B,C). Before degradation, the MMs exhibited a
core–shell cylinder structure looping into core–shell rings. As visible from the TEM images
in Figure 5B,C, the ring structure remains after the hydrolysis of the PLLA domains. Note
that the PB microphase is still present (dark rings in Figure 5C) and now covers the surface
of the inner pores as well as the MM’s outer surface. The PB provides double bonds for
crosslinking, loading, and versatile post-modification possibilities (e.g., through thiol-ene
click reactions). Furthermore, the microparticles now exhibit a rough surface pattern in
SEM (Figure 5D). The surface structure is different than before degradation (see Figure 4D)
indicating the successful removal of the PLLA microphase. To quantify PLLA hydrolysis,
we performed 1H-NMR and Raman measurements before and after degradation. The
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1H-NMR measurements corroborate a degradation of about 95% of the PLLA microdomain
of SBL-56 (Figure 5E). We determined the degradation by comparing the resonance peaks of
the methine group of PLLA at about 5.2 ppm relative to the aromatic signals of PS between
6.2–7.2 ppm before and after degradation. In addition, Raman measurements also confirm
the removal of the PLLA phase after 5 days by the disappearance of the characteristic
carbonyl stretching vibration at
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= 1765 cm−1 (Figure 5F). We furthermore tested the basic
degradation of other SBL MMs under identical conditions (Figures S2–S4). For SBL-10
MMs, the concentric lamellar structure remains after 5 days of degradation. However, in
some cases, the outermost lamella of the SBL-10 MMs detached from the particle, suggest-
ing the degradation of a mixed PS and PLLA phase (Figure S2). According to the TEM
images displayed in Figure S3, the initial core–shell cylinder morphology of SBL-37 MMs is
retained upon hydrolysis, but the MMs appear porous after basic degradation of the PLLA
microdomain. In particular, the close-up TEM image in Figure S3C and the SEM image in
Figure S3D highlight the porous structure. A similar trend was also observed for SBL-52
MMs (Figure S4). The porosity of the hydrolysed SBL-37 and SBL-52 MMs further verified
the formation of a PLLA cylinder core and agree with the morphology assignment of the
SBLs after the confinement assembly discussed above.
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Figure 5. Degradation of SBL-56 MMs under basic conditions for 5 days (membrane with dpore = 0.3 µm). (A) TEM
overview image before and after degradation (B) (scale bars 200 nm). (C) TEM close-up and (D) SEM image after degradation
(scale bars 500 nm). (E) 1H-NMR and (F) Raman measurements before (black) and after degradation (red).

4. Conclusions

In summary, SBL triblock terpolymers with varying PLLA block length were synthe-
sized and self-assembled in confinement, employing SPG membranes with different pore
diameters to fabricate SBL MMs with a defined size and narrow size distribution. Despite
different block compositions, this process mostly led to hexagonally packed core–shell
cylinders consisting of a PLLA core, PB shell and a PS matrix. The increasing fL did not
have a noticeable effect on the inner structure of the MMs, which coincided with the bulk
morphology. However, the average MM diameter did influence the morphology, i.e., for
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particle diameters d < 0.3 µm, the core–shell cylinders were less ordered; while for particles
with 0.3 µm < d < 0.8 µm, the core–shell cylinders were oriented parallel to the particle
surface, and preferred a perpendicular orientation of d > 0.8 µm. Selective degradation of
the PLLA cylinders under basic conditions led to pronounced surface corrugations, as well
as pores that were shaped according to the preceding PLLA cylinders. The degradation
process did not affect MM structure or pore morphology. The PB microdomain became
the surface coating of the pores and the overall surface. The confinement assembly of
degradable triblock terpolymers, therefore, not only allows the formation of narrowly
size-distributed microparticles with a controlled inner structure, but likewise provides
functional microparticles after degradation.

Supplementary Materials: The following are available online at https://www.mdpi.com/article/10
.3390/polym13244358/s1, Figure S1: CONTIN plots of SBL-37 MMs; Figures S2–S4: SBL-10, SBL-37,
and SBL-52 MMs prepared with a membrane pore diameter of 0.3 µm before and after degradation.
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