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Relationships in Metallic Materials”

The steady innovation in the materials sector over the last three decades has been supported

by the introduction of simulation and analytical technique tools in the development chain.

Materials must be stronger, lighter, recyclable and more attractive in all aspects of their utilization.

Microstructure adjustments to operational requirements were successfully introduced through

optimized chemical composition and thermomechanical processing step control, based not only on

experimental development, but also on physical and numerical simulation approaches. This Special

Issue encompasses some of these areas, providing insights into the complexity of the research and

development regarding industrial materials.
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Structure–Properties–Processing Relationships in
Metallic Materials

Spyros Papaefthymiou

School of Mining & Metallurgical Engineering, National Technical University of Athens, 15780 Athens, Greece;
spapaef@metal.ntua.gr; Tel.: +30-210-772-4710

1. Introduction and Scope

The steady innovation of materials has been assisted by the introduction of simulation
and analytical technique tools in the development chain. The necessity for increased
efficiency and power and low emissions and, in parallel, safety, has brought forth new,
advanced, high and ultra-high strength multiphase steel grades into use in the automotive
industry, one of the most competitive sectors in the world. The steadily stricter rules for
vehicle emissions forces the broader usage of light-weight metals and alloys.

Microstructure–properties relationships in combination with processing or alloying
strategies for the development of tailored microstructures and, thus, mechanical properties,
in new alloys have been intensively investigated by academia and industry throughout
the years. Simulation approaches for addressing not only diffusional but also shear and
displacive transformations are now of great interest for process simulation and the con-
trol of microstructure evolution, taking into consideration processing conditions and/or
limitations. Alloys with a need for texture-oriented rolling and/or with tailored rolling
and heat treatment schedules underline the necessity for proper structure–properties–
processing control.

2. Contributions

In the current Special Issue of Metals, we host six contributions from academia and
industry on their latest research developments and achievements in their applied research
field. These elucidate on the effect of temperature during forming operations, e.g., in
aluminum alloys closely analyzed via texture evaluation. Additionally, the opportunities
that derive from microstructure and process simulation ensure that from the deeper un-
derstanding of the microstructure evolution, a further optimization of the alloys can be
achieved, taking the capabilities of the forming equipment and the reduction schedules
into consideration. Furthermore, trace elements and their effect in critical properties such
as steel hot ductility performance or the role of non-metallic inclusions in the mechanical
behavior of cold drawn pearlitic steel are also reviewed in this Special Issue.

Papadopoulou et al. [1] show how during forming, thickness reduction and thermal
treatment affect the recrystallization and evolution of the crystallographic texture of Al5182,
which in turn influences the mechanical properties. Thus, by controlling the texture via
proper reduction sequences, targeted r-values, yield and tensile strength can be obtained
to suit further forming of the material. Gavalas and Papaefthymiou [2] clearly show how
flatness, an important quality characteristic of rolled products, is tricky to be controlled by
a rolling mill operator and how a proper thermo-mechanical finite element model can be
of significant assistance by identifying critical process parameters (e.g., strip temperature,
cooling characteristics, roll core temperature and the evolution of the thermal camber).
Baganis et al. [3] apply phase field simulation for the optimization of Al6XXX heat treat-
ment in order to help understand how microstructure evolution during heat treatment,
more specifically recrystallisation kinetics, grain growth and interface mobility, affects the
mechanical properties of this Al-Mg-Si alloy family.

Metals 2022, 12, 361. https://doi.org/10.3390/met12020361 https://www.mdpi.com/journal/metals
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In their work, Guo et al. [4] show the important role of trace impurities such as
phosphorus and rare earth cerium on the hot ductility in the performance of advanced
SA508-4N RPV steel. The addition of P and Ce is able to facilitate the occurrence of the
dynamic recrystallization (DR) of the steel, lowering the initial temperature of DR from
~900 to ~850 ◦C and thereby enhancing the hot ductility performance. Consequently, the
combined addition of P and Ce can significantly improve the hot ductility of SA508-4N
RPV steel, thereby improving its continuous casting performance and hot workability [4].

Toribio et al. [5] showed the importance of detailed metallographic and scanning
electron microscope (SEM) microstructure analysis of microstructural defects exhibited by
pearlitic steels in order to unveil how their evolution by cold drawing has consequences
on the isotropic/anisotropic fracture behavior of different steels. Such defects caused by
non-metallic inclusions have a very relevant role in the fracture behavior of cold drawn
pearlitic steels [5]. Papadopoulou et al. [6] also present the importance of advanced mi-
crostructure analysis in understanding microstructure evolution and optimizing mechanical
behavior. The effect of thermal processing on the initial microstructure, texture evolution
and anisotropy, as shown by the example of Al3104 sheets, has a paramount effect on
mechanical properties [6]. The texture characteristics, i.e., the preservation of an increased
amount of S components, and the presence of strain-free elongated grains along with the
coexistence of a complex and resistant-to-crack-propagation substructure consisting of
both high-angle grain boundaries (HAGBs) and subgrain boundaries (SGBs) can lead to an
optimal combination of Δr and rm parameters [6].

These contributions underline the importance of synergetic experimental and simu-
lation analyses for the optimization of modern materials using thermal processing steps,
rolling mills, casting machines, etc., as tools for the development of proper microstructures
suitable for advanced applications.

3. Conclusions

Today, for material optimization purposes amongst traditional physical metallurgical
approaches and new characterization techniques, simulation studies on microstructure–
properties relationships provide great benefits for the scientific and technical evaluation
of existing alloys. The optimization and the development of new alloys can be performed
based on the processing capabilities (thermal and forming operational needs).

Our constant aim is to bridge academia and industry, providing the required theoretical
aspects for advanced applications in the industry under the prism of microstructure–
properties–processing relationships incorporating simulation (both numerical and physical)
that can serve the purpose of the optimization of new materials to be applied and/or
concepts and novel aspects of current or new, to-be-adopted steel grades.

Funding: This research received no external funding.

Conflicts of Interest: The author declares no conflict of interest.
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Abstract: During forming, thickness reduction and thermal treatment affect the recrystallization
and evolution of the crystallographic texture of metallic materials. The present study focuses on
the consequences of rolling reduction of a widespread aluminum alloy with numerous automotive,
marine and general-purpose applications, namely Al 5182. Emphasis is laid on the crystallographic
texture and mechanical properties on both hot and cold-rolled semi-final products. In particular,
a 2.8 mm-thick hot-rolled product was examined in the as-received condition, while two cold-rolled
sheets, one 1.33 mm and the other 0.214 mm thick, both originating from the 2.8 mm material,
were examined in both as-received and annealed (350 ◦C for 1 h) conditions. Electron back-scatter
diffraction indicated the presence of a large percentage of random texture as well as a weak
recrystallization texture for the hot-rolled product, whereas in the case of cold rolling the evolution of
β-fiber texture was noted. In addition, tensile tests showed that both the anisotropy as well as the
mechanical properties of the cold-rolled properties improved after annealing, being comparable to
hot-rolled ones.

Keywords:DCCasting; 5182alloy; crystallographictexture; hotrolling; coldrolling; crystallographiccomponents;
microstructural evolution; aluminum

1. Introduction

The need for lightweight, recyclable, malleable and strong materials has led to the use of aluminum
alloys for a constantly increasing spectrum of industries with emphasis on the transportation sector both
on land and sea serving automotive and marine applications, but also the food industry [1,2]. To gain
tailored properties to match the needs of these industries various rolling and heat treatment processes
must be fully controlled in order to tailor the microstructure, to enable an enhanced forming ability,
and to gain expected final mechanical properties. In particular, the evolution of the crystallographic
texture throughout forming and heat-treating stages, with regard to the final mechanical properties,
is of great importance [3]. Liu et al. have examined the effect of direct casting (DC) versus continuous
(CC) casting of Al 5052 exhibiting the effect of the casting process on the texture [4], while Yu et al.
studied similar phenomena on Al 5182 [5]. Crystallographic texture is affected at every step of the
thermomechanical procedure [6,7]. Therefore, the correlation between crucial process parameters
(e.g., temperature, alloy composition, casting procedure, number of reduction steps etc.) and their
influence to texture evolution are paramount for the optimization of the desired properties through the
relevant steps.

Metals 2020, 10, 1380; doi:10.3390/met10101380 www.mdpi.com/journal/metals3
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The 5182 Al alloy (see Table 1) suits applications such as the beverage can lid as well as automotive
structural parts and inner body parts [8–11]. Hot and cold rolling are used to match the final gauge.
The more intense plastic deformation is applied to the alloy, the more the microstructure is affected.
In the conventional rolling process, on the surface of the Al sheet that is produced, the shear stresses
that are present lead to higher local strain. This results in more fine grains on the surface than in the
middle of the produced sheet [12]. Concerning the effect of cold rolling on Al alloys, crystallographic
components that consist the β fiber (brass, copper and S) are expected. Cold rolling is characterized
by the activation of octahedral slip systems while hot rolling has the tendency to provoke the slip of
non-octahedral systems. At the stacking fault energy is attributed the way that the plastic deformation
will occur (slip and/or twinning). The Al alloys are plastically deformed through slip on the systems
{111} <110> [13]. The texture components could be categorized in (i) rolling texture components
(Copper, Dillamore or Taylor, S, Brass), (ii) shear texture components (rot-CubeND, γ fiber, α fiber
Inverse brass, E, F,) and (iii) recrystallization texture components (Cube, P, R and Goss) [14–19].

The amount of recrystallization components that will be formed during the production process
depends on the prior deformed state. The aim is to obtain the desired equally balanced amount
of texture components in order to achieve the best formability through the control of the earing
behavior [17–19].

Two main theories had been widely discussed in the scientific community regarding texture
evolution, the orientation of (i) the nucleation and (ii) the growth. Cube oriented grains are those
that combine characteristics from the two theories altogether; they tend to grow from remained
Cube bands and they tend to be favorable points for the growth of deformation crystallographic
components [20]. The more intense effect on cube oriented grains is given by the rolling reduction
percentage, the annealing conditions and the chemistry of the alloy [21]. It is crucial to decrease the
presence of Cube component by controlling the hot rolling process, since a high amount of cube-oriented
grains could lead to reduced drawability [16].

In general, cold rolling induces work hardening resulting in an increase of both yield strength
and hardness. The application of heat-treatment (annealing), however, can reduce the extent of these
effects, [14,15] and, in addition, it may reduce anisotropy. K. J. Kim et al. [16] studied the feasibility
of deep drawing for aluminum alloys 5182 after annealing at 350 ◦C for different durations and
concluded that the sheet, which had been annealed for 20 min exhibited the best drawability. The best
combination of crystallographic components, according to the authors, to obtain the optimal drawability
is γ fiber ND//<111> and rot-CubeND {001}<110>. Due to the thermal loses during the insertion of
the samples, however, other researchers considered a treatment time of one hour [22–26]. It has been
documented that the rolling process results in the formation of a β fiber texture [27], consisting of
the Cu{112}<111>, S{123}<634> and brass{110}<112> components. In addition, the application of
heat treatment results in a further transformation of the grains into cube {001}<100>, P {011}<1-11>,
Q {013}<3-31>, R {132}<4-21> and Goss {011}<100> components [14]. The crystallographic component
R {124}<211> is similar to the crystallographic component S {123}<634>. Beck and Hu [28] pointed
out that the R orientation can originate from the deformation texture by two different mechanisms.
The first mechanism is the retained R from the rolling texture, where the stored dislocation energy is
being reduced partially through extended recovery reactions, named as continuous recrystallization in
the relevant literature. The second mechanism is about the forming of grains exhibiting R orientation
genuinely via discontinuous recrystallization by the growth of nuclei into S oriented grains at the
grain boundaries of the deformed bands and subsequent growth under the depletion of the rolling
components, B, C and S. An R orientation is created through discontinuous recrystallization by
the procedures of nucleation and growth, contrary to the display of a notable swiftness regarding
the corresponding rolling texture, which is apparent to the ODFs with large scattering close to the
R component. During discontinuous recrystallization the R component competes with the cube
orientation with regard to nucleation. Since the R grains can grow up to substantial volume fractions
due to the high amount of potential nucleation sites, they can outweigh the cube orientation [29].
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Each texture component causes the material to form “ears” at different directions from RD
(Cu, S and brass components results into the formation of 45◦“ears” in deep drawn cups while
the cube component strengthens the presence of 90◦“ears”); hence to minimize earing, a proper
combination of texture components should be obtained [17,29]. It is reported by O. Engler et al. [13]
that transient orientations along the deformation process from the recrystallization towards the rolling
texture—including the α-fiber orientations between Goss and Bs—provoke an asymmetry of the ears
of the cups, where the 0◦ cited “ears” are of greater height than the 90◦“ears”. This asymmetry results
in the formation of six ears, whereas in rare cases, two ears may appear. Hence, in order to achieve
optimum properties for subsequent sheet-forming operations, a deep understanding of the evolution
of texture during the production of the sheet is necessary [30]. In addition, the tensile properties of Al
alloys are heavily influenced by the anisotropy, a parameter that is quantified through the r value [31].
Al alloys produced by means of cold rolling and annealing processes exhibit r values of the order of
0.55 to 0.85 [2]. The typical influences of rolling and recrystallization texture components on r values,
as well as the {111}//ND components mentioned, are identified as relevant for increasing r values [26].

A number of models such as the Taylor/Bishop-Hill and Sachs are effectively utilized for the
prediction of r values as well as earing behavior by taking into account texture data [32].

Nevertheless, the effect of the process stage that is examined in the present study on the texture
versus mechanical properties (yield strength, tensile strength, elongation at fracture and R-values) has not
been properly quantified yet for the examined rolling reduction percentages. Thus, the formation
of well-balanced crystallographic texture leading to the desired properties is still a challenge
for researchers [33].

The present study focuses on the effects of reduction (rolling) and heat treatment on the resulting
crystallographic texture. Electron back-scatter diffraction (EBSD) and tensile tests are used to correlate
microstructure and properties with the forming sequence and the thermal treatment background.

2. Materials and Methods

Three products were examined (Tables 1 and 2). Their details are as follows:

- A 2.8 mm thick, hot-rolled (h.r.) product (examined in the present paper in as-received
state—as-rolled condition);

- Two cold-rolled (c.r.) sheets, a 1.3 mm (c.r.1) produced from h.r. and a 0.214 mm thick sheet
(c.r.2) produced from c.r.1 without intermediate annealing (examined in the present paper in the
as-received state and after laboratory annealing).

The 2.8mm thick hot-rolled product was examined in the as-received condition, whereas the 1.33
and 0.214 mm thick products were examined in both the as-received (cold-rolled) and heat-treated
condition (annealed at 350 ◦C for 1 h). Annealing was conducted in the laboratory furnace.

Table 1. Description of examined samples.

Sample ID Thickness (mm) Condition

h.r. 2.8 Hot-rolled
c.r.1 1.3 Cold-rolled with 53% rolling reduction

c.r.a. 1 1.3 Cold-rolled with 53% rolling reduction and annealed
c.r.2 0.214 Cold-rolled 92% rolling reduction

c.r.a.2 0.214 Cold-rolled 92% rolling reduction and annealed

Table 2. Chemical composition of direct casted (DC) Al 5182 aluminum alloy.

Element Si Fe Cu Mn Mg Cr Al

Wt% 0.11 0.21 0.04 0.35 4.60 0.01 Bal.

5
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2.1. Metallographic Examination—Texture

Prior to the metallographic examination, all specimens were cut, in parallel to the rolling direction,
before being cold mounted in resin. Specimens were afterwards grinded and polished by use of
SiC papers as well as diamonds and silica suspensions. Metallographic examination was initially
conducted by means of an optical microscope at a magnification range of 500×–1000× in order for the
microstructure to be revealed and identified in the as polished condition. Through the observation
of the samples in the optical microscope, an evaluation of the microstructure was undertaken in
terms of a more general display of its characteristics (degree of recrystallization, direction of grains,
etc.).Barker’s electrolytic etch was afterwards applied in order for specimens to be examined in the
etched condition as well according to references [33,34].

Through the utilization of a scanning electron microscope (SEM) FEI XL40 SFEG (current Thermo
Fisher Scientific, Waltham, MA, USA), the microstructure of the samples was observed and qualitative
elemental analysis of the particles at high magnification and the existence of secondary phases and
measurement of average grain size were undertaken. Images of secondary electrons with a applied
voltage of 20 kV at a working distance of 10 mm were obtained. The EDS technique was used to obtain
atomic analysis spectra of some observed intermetallic phases.

The electron back-scatter diffraction (EBSD scans were collected employing a high-speed Hikari
EDAX camera, EDEN Instruments SAS, Valence Cedex, France) electron diffraction microscopy
technique provides quantitative data on the structure and crystallographic nature of compatible
test specimens, making a significant contribution to the characterization of a microstructure.
Specifically, EBSD determines the size and orientation of the grains, the crystallographic tissue,
the nature of the grain boundaries, the phase identification in multiphase materials, as well as
the distinction of submicroscopic structures. The above data are used to understand the relationships
between microstructure characteristics and macroscopic properties so they are used for alloy design,
material characterization and failure analysis.

For the EBSD analysis, the sample is placed inside the SEM in the as polished condition with a
certain inclination of 70◦ relative to the incident electron beam. Voltage was set at 20 kV, while the step
size was set at 0.1 μm to 1 μm depending on the material condition and the magnification utilized
(100×–2000×) (examined areas 30 × 30 μm2–150 × 150 μm2). Working distance was set at 10 mm.
Scanning data was then further analyzed by means of a post - processing software package in order for
the various texture components to be identified and calculated.

2.2. Tensile Testing

Testing was performed on a tensile machine with a capacity of up to 30 kN as per the guidelines
of ASTM E 646-00 [35] and ASTM E 517-00 [36] with parallel use of static extension meter according to
the ISO 6892-1 standard at room temperature. Rolled lines were easily visible on the surface of the
samples. The tensile specimens were produced by hydraulic pressing according to the specifications of
the tensile test. Along the reduced cross-section, the specimens were characterized by a thickness of
0.4 mm, a width of 12.55 mm and a total length of 158 mm. In total, 3 tensile specimens were created
to ensure repeatability. The bending specimens were cut with a cutting tool for thin rolled products.
The specimens had dimensions of 2.5 × 5 mm2. A total of 45 specimens were produced [3 samples
for each testing direction (0◦, 45◦, 90◦) for each examined sample]. The standard deviation of all
measurements was <1.5. In addition to the Rp0.2 yield strength, the tensile strength and the elongation
at fracture, the anisotropy parameter r was also measured in all directions.

As for the anisotropy parameter r, the following are calculated for the three directions (0◦, 45◦, 90◦),
relative to the rolling direction according to Equation (1):

r =
ln w1

w0

ln t1
t0

(1)

6
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with w0 and t0 being the width and thickness of the tensile specimen in the gauge region prior testing,
respectively. In addition, w1 and t1 are the width and thickness of the specimen in the same region just
before necking occurs. It is noted that tensile testing speed was set at 10 mm/min throughout the test.

3. Results

The grain structure was revealed after Barker’s etching. The hot rolled sample exhibited equiaxed
grain structure. After the first cold roll pass, grains became elongated. After annealing, the grains
retrieved their equiaxed morphology, which was retained even after the final cold roll pass. The final
product showed a fully recrystallized microstructure (Figure 1).

   
(a) (b) (c) 

 

  
(d) (e) 

 

 

Figure 1. The microstructure of (a) hot-rolled sheet, (b) cold-rolled 1.3 mm sheet, (c) cold-rolled 1.3 mm
annealed sheet, (d) cold-rolled 0.214 mm sheet and (e) cold-rolled 0.214 mm annealed sheet after
Barker’s etching.

Second phase particles of Al6(Mn, Fe) and Mg2Si are dispersed all over the matrix of the examined
samples. Indicative SEM micrographs of the particle dispersion in the matrix of h.r. and c.r.2 samples
are shown in Figure 2.

 
(a) (b) 

Figure 2. Scanning electron microscopy (SEM) images showing (a) h.r. sample and (b) c.r.2.

Intensities from inverse pole figure (IPF) and pole figure (PF) diagrams are related with the texture
intensity of the examined sample. Red color indicates the points, where the highest texture intensity is
observed. The lower intensity indicates higher isotropy of the texture and, consequently, the higher
isotropy of mechanical properties as well. PF and IPF diagrams exhibit the same information from a
different aspect. The findings originating from EBSD data are graphically illustrated in Figure 3:

7



Metals 2020, 10, 1380

Figure 3. Electron back-scatter diffraction (EBSD) data for the examined products.

Figure 3 presents the IPF maps and microstructures as well as the PF for each product examined.
The relevant intensities are also presented on the right side of Figure 3. The h.r. sample is partially
recrystallized showing a typical hot-rolled PF exhibiting relatively low texture intensity (2.0 in the PF
diagram and 1.5 in the IPF diagram). After 53% thickness reduction, sample c.r.1 grains tend to be more
elongated, while the IPF diagram indicates a shift towards {111} orientation with measured intensity 7.1
and 3.7 for PF and IPF diagrams respectively. The annealing creates a fully recrystallized and equiaxed
grain structure, while the intensity is low (3.8 and 1.8 in the PF and the IPF diagram respectively).
At the same time, a crucial difference is observed from the h.r. to the c.r.a.1 sample: a weak {111} and a
strong {338} component is formed. After the final cold pass, the higher amount of texture intensity has
been measured (9.1 in the PF and 2.7 in the IPF diagram respectively) (Figures 3 and 4). After the final
annealing, the texture intensity reaches similar values with the ones measured on the c.r.a.1 sample
(3.5 and 1.9 in the PF and in the IPF diagram respectively) (see Figure 3). At c.r.a.2 the {001} had be
reformed after been seen in h.r. and in c.r.a.1.

  
hot rolled cold rolled annealed 

Figure 4. Typical textures [(111) pole figures] in different processing stages of Al-alloy sheet [32].

For reference, the typical appearance of PF in relation to the rolling process and heat treatment
applied are given in Figure 4 [37].
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The Al sheet texture exhibits three main categories of component, recrystallization (cube, P, R),
rolling (brass, copper, Goss, S, Dilamore or Taylor) and shear (rotated cube, inverse brass, E, F) texture
components. The h.r. sample, mostly exhibited recrystallization texture accompanied by a significant
amount of rolling texture (Figure 5). The main components detected in this state are Q, R and brass.
After 52.5% thickness reduction, the rolling texture increased and the main components detected are R
and Goss from the remained texture recrystallization and intense S, brass, copper and Taylor.

Figure 5. Texture percentage chart.

The effect of annealing changed the components analogies increasing the random texture. Q, R and
Goss increased leaving just a small amount of S and Taylor from the previous deformation. The final
pass of 92% thickness reduction led to the formation of high amounts of S and brass, followed by Taylor
and Copper. The representative recrystallization component is R. The ultimate annealing process
provoked the formation of a high amount of R coexisting with brass and S (see Figure 5). Cold rolling
of the h.r. sample, led to an increased amount of both rolling and recrystallization texture percentage
for the c.r.1 and c.r.2 samples. It also led to increased anisotropy (see the increased intensities PF and
IPF diagrams). Annealing treatment formed low PF and IPF intensities, which resemble to the original
h.r. sample observed intensities.

The random texture of both annealed sheet samples increased significantly reinforcing the isotropic
behavior of these materials with approximately 1% normal anisotropy. This could be explained by the
fact that in c.r.a.1 the nucleation of the cube component was inadequate (r-CubeRD) and the amount
of recrystallization texture was higher than the remaining deformation texture. In contrast the c.r.a.2
exhibited greater volume fractions of the cube and R components, which favor the earing formation
of 0/90◦ ears. In both cases the recrystallization texture in the annealed samples is higher than the
cold-rolled samples before.

EBSD findings are analytically presented in the following chart, where the exact percentages of
the random, recrystallization (Rex) and rolling texture are shown for each examined case (Figure 5).

The mechanical properties after annealing for both cold-rolled products exhibited significant
similarity with regard to the h.r. mechanical properties. Tensile testing results are given in Figures 6–8.
In particular h.r. exhibited yield strength of 139 MPa at 0◦, of 144 at 45◦ and of 145.5 at 90◦whereas c.r.a.1
showed 155 MPa, 148.5 MPa and 154.5 MPa and c.r.a.2 161 MPa, 152.5 MPa and 160.5 MPa, respectively.
Concerning the tensile strength, h.r. exhibited 301.5 MPa at 0◦, 298 MPa at 45◦ and 299.5 MPa at 90◦
while c.r.a.1 showed 312.5 MPa, 303 MPa and 301.5 MPa and c.r.a.311.5 MPa, 298.5 MPa and 303 MPa,
respectively. The measured values of the h.r, c.r.a.1 and c.r.a.2 confirmed that regarding the yield
strength and the tensile strength, the annealing temperature restored the mechanical properties after the
deformation, but did not have such an intense impact on crystallographic components (see Figure 3).
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The PF intensity was selected as an indicator of intense texture presence and, therefore,
less isotropic behavior.

Yield strength and tensile strength increased to an analogous extent in all directions after cold
rolling and decreases after annealing (Figures 6 and 7). The 0◦ direction exhibited slightly higher
strength values compared to the other directions for all but the 2.8 mm thick products.

In both annealed cases (c.r.a.1 and c.r.a.2) the elongation at fracture was increased which can
be related to the reduction of dislocation density and the new formed grain size and morphology
(Figure 8).

 

Figure 6. Yield strength data for all products and conditions.

Figure 7. Tensile strength data for all products and conditions.
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Figure 8. Elongation at fracture data for all products and conditions.

On a similar note, the r value was also influenced as a result of the various processing steps.
In particular, cold rolling resulted into a reduction of the 0◦ r value in the rolling direction, whereas a
significant increase was noted in the 45◦ and 90◦ directions. Similar observations were made for the 1.33
and 0.214 mm thick cold-rolled products. Annealing resulted in an increase of the r value in the rolling
direction, whereas the r values in the 45◦ and 90◦ directions decreased. As a result, all r values after
annealing closely resembled the relevant values of the original h.r. sample (see Figure 9). Sample c.r.1
after 53% thickness reduction, exhibited decreased elongation (<14%). After the annealing process,
elongation increased to >22%, which dropped to <10% after 92% reduction. After the final annealing,
elongation reached along all the 0◦, 45◦ and 90◦ directions, respectively >20%.

 

Figure 9. The r average in relation to direction (0◦, 45◦, 90◦).
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4. Discussion

The hot-rolled sheet exhibited a balanced amount of rolling and recrystallization texture
components along with random texture. Cold rolling of the 2.8 mm hot-rolled sheet led to an increased
amount of rolling texture, at the expense of both random and recrystallization textures. The effect
of annealing was evident through the reduction of the rolling and recrystallization components
percentages, whereas the random texture percentage increased. The amount of rolling texture
components decreased whereas the amount of recrystallization and random components increased.

Cold rolling of the original 2.8 mm thick sheet resulted in increased anisotropy as indicated by
the increased intensities PF and IPF diagrams. In contrast, post-cold-rolling annealing resulted in
low PF and IPF intensities indicating a behavior relating to a more isotropic material, comparable
to the original 2.8 mm thick hot-rolled product. This is beneficial due to the increase of fracture
elongation and the reduction of anisotropy and elongated grain morphology, which can assume
increased formability. In addition, cold rolling resulted in increased yield and tensile strength values as
well as a significant decrease of fracture elongation due to the presence of fibrous grain with increased
anisotropy. The dislocation density and grains size and morphology have major effects on elongation
at fracture of the tensile specimens. PF intensity controls anisotropy of those mechanical properties,
but hardly their overall level.

This effect was more pronounced in the 0.214 mm thick product that had to undergo two reductions
instead of a single one, as was the case for the 1.33 mm thick product. Post cold rolling annealing
restored the mechanical properties of the two cold-rolled products in levels comparable to the 2.8 mm
thick hot-rolled product and as a result elongation and formability were improved. Cold rolling texture
is transformed to the cube component during annealing, which favors its performance with regards
to bending, whereas the addition of {111}<uvw> components such as {111}<110> during annealing
favors deep drawability.

The random texture of both the annealed sheet samples was increased significantly which could
be understood due to the suppression of nucleation and subsequent growth of the cube orientation
which is expected to be strong in recrystallized aluminum rolled products. The almost homogeneous
r value of the h.r., c.r.a.1 and c.r.a.2, a better formability could be expected [37].

Suitable texture control relating to specific applications is required for the improvement of sheet
metal behavior with regards to further forming operations (e.g., bending and deep drawing).

Structural variables could be used in measurements of dislocation cell morphology and
material behavior. Therefore, the dependence of the cell morphology should be identified from
the thermomechanical processes upon crystallite lattice orientation. Nevertheless the scan of areas of
the order of a few μm or mm requires small step sizes in the case of highly deformed samples that
exhibit good statistical accuracy, however, according to relevant literature [4–8]. As such, data obtained
from automated EBSD analysis of highly deformed microstructures can lead to a deeper understanding
of the deformation behavior and the recrystallization and microstructure evolution sequences with
regards to the applied deformation steps. Thus, the final microstructure and mechanical properties can
be tailored accordingly with regard to the final thickness and the required strength levels as well as the
necessary subsequent formability, which is the ultimate case.

EBSD data showed that after the first cold roll pass (c.r.1), crystallographic texture mainly contains
β fiber texture (which was present even from the hot rolling process) with strong Taylor component.
After annealing treatment, texture evolved mainly to Q, R and weak β fiber texture with the Taylor
component maintaining the highest intensity. The second and final pass evolved the observed texture
into a mixture of β fiber texture with the S component having the highest intensity and simultaneously
strong Goss component; no significant cube texture was found. A possible path between directions
{101} and {338}, could be a way for the nucleation of cube crystallographic components. At c.r.a.2 the
{001} had be reformed after being seen in h.r. and in c.r.a.1.

Recrystallization exhibits characteristics of phase transformation in which the replacement of
deformed material due to the creation of nuclei and growth of recrystallized grains can lead to
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significant changes of the resulting texture. The latter does not lead to precise orientation relationships
among deformed and recrystallized material, contrary to the phase transformations. It should be
stated that recrystallization does not always lead to texture transformations, especially when large
volume fractions of second phase particles are present or when the deformation was axisymmetric.

The quantitative correlation between PF intensity and mechanical properties could be attributed to
the anisotropy increase that takes place after each mechanical process, but it is important to observe the
analogy of these values towards texture. The impact of texture components is strong on the variations
of r-value for different directions. In all examined cases, the texture component occupies >92% of the
total volume fraction of grains. The remaining volume fraction is populated by randomly oriented
grains. The r-value is non-uniform for all the examined direction for each sample. It is clearly seen
from Figure 9 that the optimal texture for the smallest possible in-plane anisotropy clearly gives an
average r-value less than 1.0 (exhibited by h.r.).

The r values of the Al sheet, when measured after hot rolling, can be regarded as more appropriate
amongst those of all measured samples. After annealing of the 92% reduced sheet, r measurements
indicated a quite good forming behavior, but the effect of the final pass towards the anisotropy and
r values at 0°, 45°and 90°could not be eliminated throughout annealing. A higher, than expected for
this Al alloys, r value was observed at 90°, a behavior that can be attributed to the higher amount of
rolling texture and especially to the presence of the S component. Therefore, a reduced amount of
thickness reduction, the number of rolling passes and the lubrication could provoke better results and,
possibly, the ideal percentage of rolling and annealing crystallographic components.

5. Conclusions

This work demonstrates that the mechanical properties of Al5182 can be influenced by the
deformation sequence as well as the subsequent annealing conditions. Moreover, texture is especially
important with regards to formability, especially for the deep drawing of thin sheets.

More specifically:

- After the application of the various rolling steps as well as the appropriate heat treatment
(350 ◦C for 1 h), even in the material that was submitted to 92% thickness reduction (c.r.2-0.214 mm),
sheets exhibited an increase of yield and tensile strength, mechanical properties closely resemble
those of the reference material (as-received condition after hot rolling, h.r.). The formation of
{110}//RD texture components in h.r. favors the increase of the elongation of the alloy. In addition
the relevant PF and IPF intensities increased after thickness reduction as a result of increased
anisotropy. This is also evident by the recorded r values, which are heavily influenced by cold
rolling whereas after the annealing process they are restored to the as-received product levels.
The same applies for the tensile properties and the intensities of the PF and IPF diagrams.

- The initial texture (formed from hot rolling) has a strong influence on the distribution of component
intensities along the β fiber. The β-fiber maximum intensity was lower than 10, revealing a low yet
remaining amount of rolling texture in the material after the intermediate annealing. Equivalence
among rolling and recrystallization crystallographic components is essential to retain formability
and toughness in order to form a fine and equiaxed grain structure.

- To increase the r value towards all directions, R orientation [123]<634> is expected to be most
efficient, but this orientation shows a low r value of about 0.8 mainly at the 0◦ and 45◦ directions.
Therefore, the Goss orientation [011]<100>, which also increases the r value must be developed to
some extent. [001]<uvw> textures such as the cube orientation are non-preferable with regard to
the improvement of the r value. The variations observed in the products that have been annealed
were coherent with the R texture component. The r-value of the as-rolled material was consistent
with the presence of cold-rolling texture components.
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Abstract: Flatness is an important quality characteristic for rolled products. Modern hot rolling
mills are equipped with actuators that can modify the uneven thickness distribution across the
width of the strip (crown), taking into account online measurements of various process parameters
such as temperature, force and exit strip profile, either automatically or manually by the operator.
However, the crown is also influenced by many parameters that cannot easily be measured during
production, such as work roll temperature evolution through thickness and roll geometric variation
due to thermal expansion (thermal camber). These have an impact on the strip flatness. In this
paper, a thermo-mechanical finite element model on LS-DYNA™ software was utilized to predict the
influence of process parameters, and more specifically strip temperature, cooling strategy (application
of cooling on the entry or entry and exit side simultaneously) and roll core temperature, on the
evolution of roll temperature and thermal camber. The model was initially validated with industrial
data. The results indicate that the application of both entry and exit cooling is ~30% more efficient
compared to the entry cooling only, thus the thermal camber will be reduced by 2 μm. A hotter roll
(380 K) is more stable compared to the cold roll (340 K), showing also an improvement of 2 μm.
The hotter roll will also reach a thermal steady state on the surface faster compared to the colder one,
without making a significant difference on the steady state temperature. Strip temperature plays a
roll in the thermal camber evolution, but it is a less important parameter compared to cooling strategy
and roll temperature.

Keywords: aluminum; hot rolling; LS-DYNA; crown; camber; cooling; temperature evolution

1. Introduction

Aluminum alloys are constantly increasing in terms of their consumption and spectrum of
industrial use, with emphasis, amongst others, on the transportation sector, the food industry and
construction. A large amount of the materials used in these sectors are strips/sheets that are formed
or cut to the final shape using special blanks with very tight tolerances. Such applications require
very large amounts of material with strict quality characteristics. One of the most important quality
characteristics is the geometric accuracy. The increased requirements for rolled aluminum products
with high geometric accuracy and high productivity have triggered many studies related to the effect
of the rolling parameters on the strip’s profile.

An important geometric requirement is crown, wherein the thickness varies through the width of
the strip. Crown is associated with the roll deflection due to the separating forces developed between
the strip and the work rolls, causing the deformed rolls to not create a perfectly rectangular gap, but one
that is curved from the top and bottom side (work roll sides) and as a result defining the geometry of
the strip [1–7].
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Conventional 4-high rolling mills are equipped with hydraulic systems that allow the bending
of the rolls in order to adjust the strip’s crown to the required profile. In the production
environment, the bending set point is predetermined and defined during the pass schedule design [1].
Many researchers have utilized analytical and numerical modeling techniques in the effort to predict
the work roll bending [1–7]. Guo (1989) [2] implemented a simple model calculating the work roll
bending for each individual schedule. The results were used to classify pass schedules with similar
crowns. Sikdarl et al. [3] provided the bending set point for crown control by modeling the roll stack
deflection of a hot strip mill. Steinboeck et al. [4] applied nonlinear constitutive equations and a change
of coordinates to obtain a time-free formulation to calculate the work roll bending. Fukushima et al. [5]
developed an online analytical model, coupled with an FE model that calculated the rolling load
distribution, to accurately predict the strip profile. This method enabled the rolling of substantially
different products in the same production line. Wang et al. [6] calculated the crown by modeling
the process in two steps. The first step was to calculate and predict the rolling force distribution and
secondly to use the results as input data in order to calculate the roll deflection. Gavalas et al. [1]
implemented an elastic-viscoplastic finite element analysis in order to predict the crown under various
rolling conditions for pass schedule strategy allocation. Shigaki et al. [7] predicted roll stack deflection
by coupling a commercial FEM model with a multi-slab model for strip deformation. Such approaches
have shown good results and are adapted in the real industrial environment in order to either define
set points or counteract the effects of variations induced in the process. When these variations become
significant, then predictive models have reduced accuracy and the adaptive bending system sometimes
either cannot completely correct the crown or it can introduce inhomogeneities in the material.

Work roll thermal camber has a direct influence on profile and is caused by the temperature
increase and the presence of temperature gradient due to heat conducted from the hot strip to the roll.
Radial thermal expansion differs across the roll width due to axial heat flux towards the roll sides.
The result is a greater increase at the center compared to the edges, creating a thermal camber [8].
The thermal camber changes dynamically during production since the thermal state is influenced by
many parameters, such as the roll’s core temperature, the strip temperature, the length of the pass,
inter-pass time, rolling time since the last work roll replacement, etc.

Many studies focus on the prediction of work roll temperature profile and thermal camber.
Tseng et al. [9] developed an analytical solution that predicted the thermal expansion at the roll
center plane, and estimated the crown by taking the edge diameter as reference. Sturmer et al. [10]
investigated if the combination of models could be replaced with a fast enough 3-D model of the
roll shape that can be used online during operation. Jiang et al. [11] derived an online model using
differential equations in conjunction with a neural network model to predict the thermal crown in
a hot rolling process. Many researchers have studied the thermal crown using the finite difference
method (FDM), which is a common numerical method for multidimensional heat transfer problems.
Ginzburg et al. [12] developed a simple but efficient model called Coolflex that could be applied
in different mill configurations and would analyze the effect of rolling parameters on the thermal
profile. Atack et al. [8] incorporated an FDM thermal camber model, whereby spray patterns were the
independent variables to determine an optimization program. Lin et al. [13] considered a uniform heat
source across the strip width and employed an FDM analysis to compute work roll temperature profile
and thermal expansion. Abbaspour et al. [14] used FDM to solve the energy equation in the radial and
axial direction, also taking into consideration strip width, time between the passes, strip temperature
and thickness reduction. The computational cost of the previous methods is low, but many assumptions
have to be considered in the model, limiting the accuracy of the calculation results.

The other recognized modeling method is based on the finite element method (FEM)m and has
been widely exploited by many researchers for thermo-mechanical simulations due to the increased
quality of the results and the possibility of applying realistic boundary conditions and constraints in
complicated models. Guo et al. (2006) [15] analyzed the temperature field and thermal crown of the roll
with a simplified finite element method (FEM). Benasciutti et al. [16] and Li et al. [17] proposed an FEM
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model to calculate the thermal stresses occurring in the work roll due to the non-uniform temperature
distribution on the roll surface due to the hot rolling process. Trull et al. [18] developed an FEM model
incorporating all major mill components and engineering and process conditions, including thermal
camber, for the simulation of shape evolution. Bao et al. [19] investigated the temperature distribution
of the work roll, integrating FEM coupled electromagnetic–thermal analysis in order to include the
effect of roll induction heating on the surface temperature. Deng et al. [20] developed an analytical
FEM model to investigate the thermal and oxidation behavior of an HSS (High Speed Steel) work roll
during hot rolling.

In this paper, a thermo-mechanical finite element model on LS-DYNA™ software was designed
to study the influence of process parameters, and more specifically strip temperature, cooling unit
strategy (entry cooling and entry/exit cooling) and roll average temperature, on the evolution of roll
temperature and thermal camber during aluminum hot rolling. Industrially applied rolling parameters
were employed for the calculation, and the results can be used as guidance for process optimization in
a real production environment.

2. Governing Equations

Thermal boundary loads (heating and cooling) were applied on the rotating roll separated in five
main regions, as shown in Figure 1. The roll’s surface temperature increases due to heat flux (

.
qstrip)

in the contact with the strip, which is hotter compared to the roll during hot rolling. Heat is extracted
from the roll due to natural convection and radiation (

.
qair). Stronger cooling (

.
qcool) is the effect of the

nozzle sprays and the contact with the support roll (
.
qWB). Between the cooling unit and the hot strip,

the coolant flows over the roll, creating different cooling conditions (
.
qwet). For the definition of the

heat flux in the deferent zones, each heat transfer coefficient has to be determined and is described
below. The value of the heat transfer coefficient of each thermal load was either found in the literature
(

.
qair), calculated by typical formulations found in the literature (

.
qcool,

.
qWB,

.
qwet) or calibrated using

real production data (
.
qstrip).

 

Figure 1. Schematic illustration of the zones with the different boundary conditions.
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2.1. Heat Conduction

The basic transient heat conduction equation for cylindrical coordinates and isotropic properties
can be written as [12,14,20]:

1
r
∂
∂r

(
kwr r

∂T
∂r

)
+

1
r2
∂
∂ϕ

(
kwr r

∂T
∂ϕ

)
+
∂
∂z

(
kwr
∂T
∂z

)
= ρ Cp

∂T(t)

∂t
(1)

where ρ is the density ( g
cm3 ), Cp the specific heat capacity ( J

kg K ), T the transient temperature (K), t the
time (s), r is the radial direction (m), ϕ is the circumferential direction (m), z the longitudinal direction,
and kwr the thermal conductivity coefficient ( W

m K ). The parameter values are summarized in Table 1.
The initial temperature Tinit was considered homogeneous throughout the roll at the beginning in
every case, and can be described by:

TRoll(r, ϕ, m, t)
∣∣∣
t=0 = Tinit (2)

where TRoll is the roll temperature.

Table 1. Process parameter constants.

Parameter Value

ρ [ kg
m3 ] 7800

Cp [J kgK] 485
kwr [W mK] 38
hstrip [ W

m2K ] 100
Vjet [ Liter

min ] 3500
Ajet [m2] 0.4
Pjet [Pa] 0.5 × 106

Tcoolant [K] 323
μcoolant ( Kg

m s ) 4 × 10−4

Pr [-] 2
kcoolant [W mK] 0.65

hair [ W
m2K ] 10

Tair [K] 300
σ [ Kg

s3K4 ] 5.67 × 10−8

ε [-] 0.5

2.2. Boundary Condition for Roll/Strip Contact

The main heat source for the work roll is due to the conduction of heat from the hot strip to the
surface of the work roll. The heat flux (

.
qStrip) ( W

m2 ) depends on the temperature difference between the
roll and the strip, and in order to have an effective prediction, a boundary heat transfer coefficient
(hstrip) ( W

m2K ) is assumed [12,14,20]:

.
qstrip = hstrip

(
TStrip − TRoll(t)

)
(3)

The hstrip remained constant through each simulation, and was calibrated and validated in a
previous work [1] and implicitly includes the phenomena of frictional heat generation (see Table 1).
Similarly, the strip temperature was predicted in a previous work and remained constant through each
simulation, with a value equal to the average strip surface temperature between the entry and the exit
of the roll bite.
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2.3. Boundary Condition for Water Jet Cooling

The most efficient cooling zone on the roll is where water from the jet nozzles comes into contact
with the high pressure in the roll. The heat flux boundary condition (

.
qcool) ( W

m2 ) that applies to this
region is as follows [12,14,20]:

.
qcool = hcool (TRoll(t) − Tcoolant) (4)

where hcool is the heat transfer coefficient for the water jet rolling ( W
m2K ) and TRoll(t) − Tcoolant is the

transient temperature difference between the roll and the coolant (K). The convective heat transfer
coefficient, hcool, can be calculated as follows [20]:

hcool = 6870 W0.19 P0.27
jet (TRoll(t) ≤ 373 K) (5)

hcool = 29 105 W0.08 P0.05
jet

TRoll(t)−373
100

B
TRoll(t)− Tcoolant

+ 6870 W0.19 P0.27
jet

573−TRoll(t)
100 (TRoll(t) > 373 K)

(6)

where Pjet is the nozzle pressure ( Kg
m s ), W =

Vjet
Ajet

refers to the coolant flow rate per unit area of the

coolant on the roll, and B =
(
(Tjet−373)

16

)−0.17
. The parameter values are summarized in Table 1.

2.4. Boundary Condition for Work Roll/Backup Roll Contact

The boundary condition for the heat flow from the contact between the work roll and the backup
roll (

.
qWB) was calculated by [12,14,20]:

.
qWB = hWB (TRoll(t) − TBRoll) (7)

where hWB is the heat transfer coefficient of the contact between the work roll and the backup roll,
( W

m2K ), and TRoll(t) − TBRoll is the transient temperature difference between the roll and the backup roll
(K).

The heat transfer coefficient between the work roll and backup roll (hWB) can be calculated as:

hWB =
1.26 kwr

π DW
√
π αwr

√
Lcvwr (8)

where kwr is the work roll thermal conductivity coefficient ( W
m K ), DW is the work roll diameter (m),

αwr =
kwr
ρ Cp

is the work roll thermal diffusivity ( m2

s ), Lc is the contact length between the rolls (m)

and vwr is the work roll rotational velocity ( m
s ). The contact length, Lc, was considered equal to the

length of the backup roll. The thermal characteristics are summarized in Table 1 and the geometrical in
Table 2.

Table 2. Work roll geometry and physical properties.

Parameter Value

Work Roll Length (m) 3
Work Roll Diameter (m) 0.95
Support Roll Length (m) 2.5

Poisson’s ratio 0.3
Young’s modulus [GPa] 200

Thermal expansion coefficient [ 1
K ] 12.5 × 10−6
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2.5. Boundary Condition for Wet Surface between the Cooling Units and Roll Bite

The roll surface below the cooling units is in contact with coolant flowing over the roll surface
under atmospheric pressure. The boundary condition that describes that region is [12,14,20]:

.
qwet = hwet (TRoll(t) − Tcoolant) (9)

where hwet is the heat transfer coefficient for the wet surface below the cooling unit ( W
m2K ) and

TRoll(t) − Tcoolant is the transient temperature difference between the roll and the coolant (K). The hwet

can be calculated by [20]:

hwet = 0.023
(

vw lc
μcoolant

)0.8

Pr0.4 kcoolant

lc
(10)

where vwr is the work roll rotational velocity ( m
s ), lc is the length of the coolant contact area (m),

μcoolant is the viscosity of the coolant ( Kg
m s ), Pr is the Prandl number (−) and kcoolant is the thermal

conductivity coefficient of the coolant ( W
m K ). The length of the coolant contact area was considered to

be equal to the work roll length. The parameter values are summarized in Table 1.

2.6. Boundary Condition for Air Cooling

In the region between the cooling units and the work roll, to support roll contact, heat is lost from
the surface of the work roll, assuming convection to air and radiation [12,14,20]:

.
qair = hair (TRoll(t) − Tair) + σ ε A

(
TRoll(t)

4 − Tair
4
)

(11)

where hair is the heat transfer coefficient of the air ( W
m2K ), TRoll(t) − Tair the transient temperature

difference between the roll and the air (K), σ is the Stephan–Boltzmann radiation constant ( kg
s3K4 ), A is

the area of the emitting body (m2) and ε is the emissivity of steel. The parameter values are summarized
in Table 1.

3. Model Description

A three-dimensional finite element model was designed to study the temperature and thermal
camber evolution during the hot rolling process of a 5754 aluminum alloy strip under industrial service
conditions, taking into consideration also the heat flux in the longitudinal direction. Thermal camber
is the difference in radius between the center of the roll (Rcenter) and the position in width where the
edge is located (Redge), excluding the last 20 mm to avoid edge effects. Camber can be described as:

Camber = Rcenter −Redge (12)

The direct thermo-mechanical coupling allowed the thermal balance to be achieved in each
timestep, and subsequently the thermal expansion to be calculated and each node position updated,
resulting in new roll geometry. The simplified form of the description of the thermal expansion
equation can be represented in the following form:

ΔL
L

= α ΔT (13)

where α is the coefficient of thermal expansion ( m
m K ), L is length (m) and T is the temperature (K).

For this purpose, a work roll was modeled on LS-DYNA software with a Lagrangian formulation
and 3D mesh with an element size of 10 mm close to the surface of the roll where the largest temperature
gradients develop. Due to the rolls’ symmetry, the examination of only half of the roll reduced the
computational effort without limiting the result quality. The roll was considered elastically deformable,
and the geometry and physical properties of the roll [1,14] are shown in Table 2.
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The thermal loads described in Section 2 remained constant through each pass. In this study,
the effects of strip temperature, roll temperature, rolling speed and cooling unit activation strategy
were taken into consideration.

4. Results

A representative snapshot of the temperature gradient on the work roll from a characteristic
experiment is illustrated in Figure 2. The red color depicts the highest temperature region on the roll
surface while in contact with the high temperature strip. Soon after the roll surface disengages from
the strip, it quickly cools down, passing through the cooling units, reaching the same temperature as
when in the steady state before the contact with the strip. The width of the thermally affected region is
similar to the width of the strip.

 

Figure 2. Roll temperature gradient during rolling.

4.1. Validation

The model can only be considered reliable after a validation process takes place. Validation can be
very difficult in the aggressive industrial environment that also has various limitations. Such an example
is the dynamic temperature measurement on the roll surface due to high temperatures, limited space and
water/oil mist that limits the accuracy of the measurements. Additionally, the dynamic measurement of
the roll diameter during the pass schedule is out of question. Even the static measurement of the roll can
be very difficult because the roll has to be removed from the mill, which requires enough time to finally
make the measurement unrealistic. The validation was based on the assumption that the variation
in the roll geometry is reflected on the final strip geometry evolution, something that can easily and
reliably be measured by the rolling mills gauge measurement system. Thus, the difference between the
strip crown at the beginning and at the end of a predesigned industrial pass trial was compared with the
roll camber difference between the beginning and the end of the same pass. An indicative comparison
between the measured crown evolution (Figure 3) and the calculated camber evolution of the same
pass (Figure 4) is presented, which has assisted in the validation of the model. The same validation
sequence was conducted in several different passes, which were in good agreement regarding accuracy
with the presented results, before the model was considered reliable. The result of the original data
recording from the online thickness measuring device can be seen in Figure 3. The data refer to a pass
with reduction from 6.6 mm to 4.4 mm, with entry temperature of 600 K and exit temperature of 583 K.
The average separating force for the pass was 5.8 MN and the speed was 60 rpm. The roll temperature
was measured before the pass to be 340 K.

 

Figure 3. Original record of crown from the online thickness measuring device.

23



Metals 2020, 10, 1434

Figure 4. Calculated roll thermal camber evolution for the validation pass.

The original data were compared with the simulation result of the same pass. The crown evolution
simulation result is illustrated in Figure 4. The first and last 20 m were omitted from each case to
avoid any instability and local effects; however, the thermal load on the first 20 m was included in
the calculation.

As can be seen in Figure 3, the crown difference between the two reference points was 13 μm,
which is in good agreement with the simulated camber evolution, which was calculated to be 12.3 μm
for the same pass (Figure 4).

4.2. Analysis of Temperature

For the same validation pass, the temperature evolution is analyzed in Figure 5. It can be observed
that although the temperature on the surface (red line) comes into a steady state after approximately
80 s, 15–60 mm (remaining lines) below the surface the temperature continues to rise even at the end of
the pass. The roll does not reach thermal balance even at a long pass, which justifies the geometric
variation through process.

 

Figure 5. Temperature evolution across the roll surface.
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4.3. Comparison of Cooling Unit Efficiency

During the last passes, cooling only at the entry side is applied on the roll, as can be seen in
Figure 6. In the above-mentioned validation step, only the entry cooling was applied as well. However,
the mill can utilize cooling also to the exit side, which in most cases is not used due to limitations
related to surface quality and stains. Of course, the application of cooling from both sides is more
efficient compared to the entry side only, and the benefit will be ~30% according to the simulation
results of interfacial heat transfer presented in Figure 7.

 

a) b) c) 

Figure 6. Schematic representation of the position of the cooling units (a) and the influence of only exit
cooling (b) and only entry cooling (c) on the energy balance.

 
Figure 7. Comparison of heat flux between the roll and the strip for different cooling strategies.

This cooling efficiency difference is imprinted on the geometric evolution of the roll through
the pass. In Figure 8, the FEM results can be seen, which compare the camber evolution between
entry cooling applied and entry and exit cooling applied simultaneously. After 100 s of processing,
the camber increased by 6 μm in the case of only entry cooling, and by 4 μm when cooling from both
sides was applied.
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Figure 8. Comparison of camber evolution between entry cooling applied and entry and exit cooling
applied simultaneously.

4.4. Influence of Initial Roll Temperature

Very important as well is the influence of the roll’s initial temperature on the camber evolution,
as can be seen in Figure 9. After 100 s of processing the camber increased by ~6 μm in the case of a
340 K roll initial temperature, and by ~4 μm in the case of the 380 K roll initial temperature.

 

Figure 9. Comparison of camber evolution between rolls with 340 K και 380 K initial temperature.

The rolls at higher temperatures, apart from being geometrically more stable, were also thermally
more stable. Figure 10 shows the temperature evolution diagram for the 340 K initial roll temperature
and for the 380 K initial roll temperature. For 100 s of processing and at 15 mm away from the surface,
the temperature difference between the start and the finish of the pass according to the simulation
experiment was 38 K (ΔT340K = 340 – 378 = 38 K) for the cold roll and 13 K (ΔT380K = 380 – 393 = 13 K)
for the hot one. Very interesting is the fact that although the temperature difference at the beginning

26



Metals 2020, 10, 1434

of the simulation experiment between the rolls was 40 K, the temperature after 100 s was very close,
with only 5 K difference in surface temperature.

 

 

Figure 10. Comparison of temperature evolution between rolls with 340 K (up) and 380 K (down)
initial temperature.

The hot roll had slightly lower heat dissipation from the strip to the roll (~1%) during the steady
state compared to the cold roll, however it had significantly lower heat dissipation at the beginning
of the pass (~7%) (Figure 11). The lower heat dissipation should balance the temperature difference
between the front and back end of the strip compared to the main body. This will further improve the
flatness of the strip through the length as the temperature variation results in rolling force variation,
and thus crown variation.

 

Figure 11. Comparison of heat dissipation from the strip towards the roll for different initial roll
temperatures (340 K and 380 K).
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4.5. Influence of Strip Temperature

Although the strip temperature is also a factor that might be able to alter the roll camber, as can
be seen in Figure 12, the influence is not as significant compared to the above-mentioned process
parameters. A higher strip temperature will further increase the surface temperature, but at the same
time it will increase the temperature difference between the roll surface and the coolant, which will
increase the cooling units’ efficiency.

Figure 12. Comparison of roll camber evolution for rolling strips with different temperatures (560 K
and 620 K).

5. Discussion

In the final passes of the pass schedule, higher forces can be observed at the front and the end of the
strip because of the lower temperature reaching a steady state in between. Moreover, the roll camber
evolves due to thermal loads. Consequently, the resulting crown of the strip is significantly higher at
the front and back compared to the main body, where the crown has, in many cases, a decreasing trend
through length. The variation as well as the absolute value of the crown can sometimes be so high that
the whole strip or parts of it will be out of specification, or it will make difficult any further processing.

Some modern rolling mills are equipped with automatic roll bending actuators to compensate for
any variation in crown due to force inconsistency and thermal camber through the length of the strip,
but often the control window is very narrow so as to correct a poor pass schedule design. Moreover,
the thinner the strip, the more difficult it is for the material to flow laterally, and corrections can result
in waviness on certain parts of the strip. The same problem will be even stronger in cases where a
strip with inconsistent crown reaches the cold rolling stage. For this reason, the proper control of the
thermal state and the roll camber with the optimum cooling strategy is crucial for the flatness of the
final product.

The effects of the phenomena taking place during rolling and of the process parameters on the
thermal camber and the temperature evolution of the roll are difficult to understand and quantify.
The proposed model was designed to enhance the understanding of the process and assist in assessing
the corrective measures for improvements. Taking into consideration that in the industrial environment
the most common methodology for process improvement is “trial and error”, the proposed model
will enable us to investigate different parameters unconditionally with substantially lower cost in
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comparison to industrial trials. The simulation results provide important knowledge gain and guidance
for the determination of the proper rolling conditions, which can increase the success rate of the
following industrial trials with a minimal rolling trial optimization sequence.

The thermal analysis proved that the roll does not reach a total thermal steady state, a condition
where the camber remains constant, and also pointed out the temperature whereat the steady state is
reach on the surface. The approach for improvement was to reduce the steady state temperature by
increasing the cooling efficiency, to bring the roll closer to this thermal steady state by increasing the
roll temperature, and to quantify the improvements for prioritization purposes. The influence of the
strip temperature was studied as well.

The model showed the improvement of the application of cooling from both sides of the work
roll. The cooling efficiency was improved by ~30%, with similar improvement in the thermal camber
evolution. However, the challenges of the use of cooling at the exit side of the roll are well known.
Most of the time, these are related to the inefficient removal of the emulsion falling on the strip from
the cooling unit at the exit side. Especially in the last passes of a reversing mill, where the strip is
coiled, it can cause stains that will diminish the strip’s final surface quality. Of course, with the suitable
equipment and a very careful control of the process, such problems can be avoided. Although it can be
avoided, the additional effort and the idea of the process being susceptible to visual defects on the final
product often leads to the use of the cooling unit only from the entrance side. For products in which the
appearance is the basic concern, such an approach is enough, but in higher value-adding products in
which flatness is also very significant, the geometrical control of the work roll becomes very important.

On the other side, the increase in the average roll temperature will result in a more geometrically
stable roll. This is due to the fact that the temperature difference between both the roll and the strip,
but also between the roll surface and roll center, will become smaller, deteriorating the heat flux.
According to the simulation, an increase of 40 K in average roll temperature will result in the significant
improvement of thermal camber evolution by reducing the finishing camber by 2 μm. Effort is required
to increase the rolls’ core temperature. The concern pertains to the effect of a hotter roll on the steady
state temperature of the roll surface during rolling. From simulation findings, it appears that the
average temperature of the roll has almost no impact on the steady state temperature at the surface of
the roll.

In an industrial reversing mill pass schedule, where the time for which the strip is in contact with
the roll can even be less than half, the way to achieve such a temperature increase is, firstly, to continue
rolling for several pass schedules, but, more importantly, to avoid roll cooling during the inter-pass
time. Even after several pass schedules, if the roll is cooled during the inter-pass time, it will remain
relatively cold, and as a result, will never reach a steady state and will be geometrically unstable on
high thermal loads and long passes.

An additional benefit of a hot roll is seen during its first contact with the strip. A common problem
in rolling is that the first and last meters of the strip have lower temperatures compared to the main
body of the strip, which results in an increase in separation forces and, consequently, in poor flatness
and properties variation. The lower temperature can be attributed to many reasons, such as the contact
of the strip with the cold core in the center during coiling, the free surfaces at the front and back end,
the lower speed with which each pass starts before reaching the maximum speed, etc. The smaller
temperature difference between a higher temperature roll and the strip will cause a drop of heat flux
between the strip and the roll, and more heat will be maintained in the front and the back of the strip.
In some cases, in order to further enhance this effect, a practice is to start the pass with turned off
cooling units in order for the roll surface to more quickly reach the steady state temperature, and then
the cooling is applied at a few meters from the beginning of the pass.

The strip sticking to the roll is a common problem in aluminum hot rolling. Apart from other issues,
it can be related to either very high or very low roll surface temperatures. The surface temperature can
mainly be controlled by the effective cooling. In the cases wherein sticking is observed, the application
of cooling at the exit side becomes again very important. To cool the roll between the passes in order to
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start a certain pass with the lowest temperature possible, or to avoid a high temperature roll core due
to the fear that it will impact the final product’s surface quality, are not recommended.

6. Conclusions

The strip profile is significantly influenced by the temperature profile on the roll and the
camber evolution caused by thermal expansion. The model was validated by comparing industrial
measurements of crown evolution through length with the calculated evolution of the roll camber.
The conclusions are summarized below.

The application of cooling from both the entry and the exit side is ~30% more efficient compared
to entry side cooling only. The final camber evolution at the end of a 100 s pass will drop from 6 μm in
the case of only entry cooling to 4 μm for both entry and exit cooling.

The initial roll temperature will affect the final camber substantially. The hotter roll will be
geometrically more stable compared to the colder roll. More specifically, for a 100 s pass the camber
increases by ~6 μm in the case of 340 K roll initial temperature, and by ~4 μm in the case of the 380 K
roll initial temperature.

In a hotter roll the surface temperature will reach a steady state faster compared to a colder one,
shaping a different temperature gradient in the strip as well.

The surface temperature of the roll during the process has only slight dependency on the roll’s
average temperature. A high increase in roll temperature will lead to only a very small increase in
surface temperature.

The strip temperature will alter the thermal camber, however it has a weaker effect compared to
the average roll temperature and cooling strategy.
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Abstract: Advanced SA508-4N RPV steel samples, unadded, P-added, and P+Ce-added,
are investigated on their hot ductility behavior. Hot tensile tests are carried out in the temperature
range of 750 to 1000 ◦C through a Gleeble 1500D machine. It is demonstrated that the deformation
temperatures of all the three steels are located in the austenite single-phase region. There is no
ductility trough present for the P+Ce-added steel, but the unadded one exhibits a deep ductility
trough. The reduction of area (RA) of the former is always higher than 75% and increases with rising
temperature until reaching ~95% at 900 ◦C or above, whereas the lowest RA value of the latter is only
~50% at 850 ◦C. Microanalysis indicates that the grain boundary segregation of P and Ce takes place in
the tested P+Ce-added steel. This may restrain the boundary sliding so as to improve the hot ductility
behavior of the steel. Furthermore, the addition of P and Ce is able to facilitate the occurrence of
the dynamic recrystallization (DR) of the steel, lowering the initial temperature of DR from ~900 to
~850 ◦C and thereby enhancing the hot ductility performance. Consequently, the combined addition
of P and Ce can significantly improve the hot ductility of SA508-4N RPV steel, thereby improving its
continuous casting performance and hot workability.

Keywords: hot ductility; reactor pressure vessel steel; grain boundary segregation; dynamic
recrystallization; grain boundary sliding

1. Introduction

The reactor pressure vessel (RPV) is a critical component in nuclear power plants, relating to the
whole life of the plant due to its irreplaceability [1,2]. Due to its severe service condition, some superior
performances of the RPV steel are attracting more and more attention [2,3]. SA508-3 steel mainly alloyed
with Mn and Mo has been widely used in the nuclear industry for more than 30 years. However, this steel is
unable to satisfy future applications due to its insufficient hardenability and irradiation embrittlement [4].
Nowadays, plenty of research studies focus on a new generation of RPV steel (i.e., SA508-4N steel
mainly alloyed with Ni, Cr, and Mo). According to ASTM (American Society for Testing and Materials),
advanced SA508-4N steel has higher strength, better fracture toughness, and outstanding hardenability
as compared with SA508-3 steel [5–7]. As reported by Lee et al. [5], the Charpy impact toughness and
fracture toughness of SA508-4N steel were evidently improved because of the addition of Ni and Cr.
They also found that the yield strength and upper shelf energy of the steel were enhanced by increasing
the tempered martensite phase fraction controlled by the cooling rate [6].

The process of continuous casting and rolling, which has the advantage of uncomplicatedness and
cost-effectiveness, is widely employed in the manufacture of many steel products [8]. However, if the
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hot ductility (HD) of a steel is not high enough (less than 60% reduction of area), transverse cracking
could take place during continuous casting, causing severe damage in the quality of products [9].
The poor HD of a steel also affects its hot working performance, such as hot rolling or forging. Moreover,
the accumulation of some residual impurity elements during the recycling of steel scraps would
severely deteriorate the HD of steel [9,10]. As demonstrated in [11], SA508-4N steel exhibits a relatively
poor HD performance between 750 and 900 ◦C, especially at around 850 ◦C, where the reduction of area
(RA) is much lower than 60%. As a result, for this RPV steel, the straightening operation of continuous
casting must be conducted above 900 ◦C, and the hot working must also be carried out above this
temperature. No doubt, it would be difficult to conduct these operations in fact as the temperature
window is narrow. In order to improve the quality and productivity of continuous casting and hot
working of this steel, it is necessary to raise its hot ductility, especially between 800 and 900 ◦C.

Recent studies demonstrated [9,11–16] that phosphorus segregated at grain boundaries (GBs)
had a positive influence on the HD of some steels through restraining carbide precipitation along the
boundaries. Usually, the carbide precipitation is very likely to form at high temperatures in steels
containing some strong carbide-forming alloying elements, such as V, Ti, and Nb. Mintz et al. [12]
reported that P could enhance the HD of Nb-bearing steels by suppressing the precipitation of NbC and
thus restraining the GB sliding. Besides, a study by Jiang et al. [13] indicated that the HD of 1Cr0.5Mo
steel could be significantly enhanced by adding 0.054 wt.% P. Further study suggested that P tended to
strengthen the thin ferrite layers formed at austenite grain boundaries so that the difference in strength
between the austenite matrix and ferrite layer could be reduced, and consequently, the hot deformation
could occur more uniformly, enhancing the HD accordingly. Recently, Guo et al. [11] found that P
could effectively enhance the HD of SA508-4N RPV steel through grain boundary segregation (GBS).
It is proposed that the P atoms segregated at the GBs might suppress the GB sliding by occupying
the vacant sites at the boundaries. As a result, the RA of the P-doped steel is considerably raised,
making the HD trough much shallower. However, it is acknowledged that P could also seriously
deteriorate some other properties of the steel, especially toughness [17–19]. The GBS of P could raise
the ductile-to-brittle transition temperature (DBTT) by weakening the boundary, which significantly
affects the applicability of steel. Therefore, it is not recommended to improve the HD of a steel by the
addition of P.

In many cases, rare earths (REs) have beneficial influences on the mechanical properties of steels,
such as toughness and hot ductility [20–26]. The enhancement mechanisms of toughness and hot
ductility are mainly grain refinement and GBS of REs. Liu et al. [21] found that Ce could considerably
improve the impact toughness of an industrial low-carbon steel in three ways: reducing pearlite,
refining microstructure, and cleaning GBs. Meanwhile, the GBS of Ce is conducive to lowering the
DBTT of the welding heat-affected zone in SA508-3 RPV steel [22]. A study by Jiang and Song [23]
indicated that Ce played an important role in the HD performance of 1Cr-0.5Mo steel. The trace
addition of Ce caused a remarkable rise in the RA of the steel due to the GBS of Ce by restraining the
GB sliding and facilitating the dynamic recrystallization (DR). Ma et al. [24] found that RE (Ce or La)
could enhance the hot workability behavior of duplex stainless steel mainly by reducing the difference
of hardness between ferrite and austenite and promoting DR. Guo et al. [25] also demonstrated that the
HD of SA508-3 RPV steel could be significantly improved by the GBS of Ce. In addition, the theoretical
calculations [27,28] also showed that the addition of RE elements in the steel could increase the
intergranular cohesion, thus strengthening the GB.

According to the above-mentioned information, it is envisaged that the combined addition of
P and Ce in the SA508-4N RPV steel could improve the HD behavior of the steel, and at the same
time, the P-induced low-temperature embrittlement might be suppressed. In this study, a Gleeble
machine together with various characterization techniques was employed to investigate in detail the
combined impact of P and Ce on the HD behavior of SA508-4N RPV steel, demonstrating that the HD
performance of the RPV steel could be highly ameliorated, thus eliminating the HD trough exhibited
by the unadded steel. In order to better explore the combined effect of P and Ce, the results for the
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P-added SA508-4N steel reported in our previous work [11] were also incorporated into the present
study for comparison.

2. Materials and Methods

Three heats of experimental SA508-4N RPV steel were melted by vacuum induction, cast into a sand
mold, and finally hot-forged into plates after homogenization annealing (China Iron and Steel Research
Institute Group, Beijing, China). The chemical composition of the steels is listed in Table 1. Clearly,
they are unadded, added with 0.043 wt.% P, and added with 0.052 wt.% P and 0.030 wt.% Ce. In short,
the three steels are hereafter called “unadded steel”, “P-added steel”, and “P + Ce-added steel”.

Table 1. Chemical Composition of Experimental Steels (wt.%).

Component C Si Mn P S Ni Cr Mo Ce Fe

Unadded 0.14 0.16 0.25 0.0022 0.0033 2.98 1.45 0.51 - Bal.
P-added 0.14 0.18 0.25 0.043 0.0032 3.08 1.80 0.50 - Bal.

P+Ce-added 0.14 0.17 0.25 0.052 0.0033 3.02 1.80 0.50 0.030 Bal.

A Gleeble 1500D machine (Data Sciences International, Saint Paul, MN, USA) was employed
to carry out the hot tensile tests. The tests were operated under a vacuum of 20–30 Pa. The size of
specimens was cylindrical with 10 mm diameter and 120 mm gage length (uniform heating region).
The specimens were heated up to 1300 ◦C and held there for 180 s, followed by cooling down to different
temperatures (750–1000 ◦C) at a cooling speed of 5 ◦C s−1 [13]. After holding for 10 s at each temperature,
the specimens were deformed until fracture with a rate of 10−3 s−1 [29], cooled to 300 ◦C under the
same vacuum condition, and subsequently air-cooled to room temperature. In order to estimate the
possibility of transverse cracking during continuous casting, the RA is usually used [30]. If the RA is
less than 60%, the transverse cracking could occur during the straightening operation of continuous
casting [31]. Hence, the RA was measured to evaluate the HD of the steel. Besides, the fracture surfaces
were examined using scanning electron microscopy (SEM, Hitachi S-4700, Hitachi, Tokyo, Japan).
Optical metallography (OM, HOMA2000, XPK, Shenzhen, China) and electron backscatter diffraction
(EBSD, Hikarui, EDAX, Mahwah, NJ, USA) were used to characterize microstructural features.

Field-emission scanning transmission electron microscopy (FE-STEM, JEM-2100F, JEOL, Tokyo,
Japan) coupled with energy dispersive X-ray spectroscopy (EDS, Oxford INCA, Oxford, UK) was
adopted to further investigate microstructural characteristics and microchemistry at the GBs [11].
The field emission gun in the FE-STEM system may provide a large beam current in a probe with a size
of only 0.5–1 nm [32]. The disc samples for transmission electron microscopy were 3 mm in diameter,
prepared by mechanically polishing and dual-jet electropolishing. For microanalysis, five GBs were
chosen, and more than five positions on each GB were analyzed. The mean value of data points gained
was used as the observed result. Further description of GB microanalysis by FE-STEM can be seen
elsewhere [33].

3. Results

3.1. Hot Ductility

The HD curves of the steels are shown in Figure 1. It is clear that there are ductility troughs
in the temperature range of 750–900 ◦C for both the unadded and P-added steels, but the trough is
apparently shallower for the P-added steel. As a whole, the RA values of the P-added steel are all
more than 70%, which are always higher than those of the unadded steel. The RA of the P-added steel
is about 75% at 750 ◦C and then goes down to about 70% at 800 and 850 ◦C. Nevertheless, the RA value
of the unadded steel deformed at 750–850 ◦C is 70–50%, attaining the lowest RA of ~50% at 850 ◦C.
From 850 to 900 ◦C, the RA value for both the unadded and P-added steels increases rapidly to higher
than 90%. On the other hand, there is no ductility trough present for the P+Ce-added steel so that it
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exhibits an outstanding HD behavior at all deforming temperatures. It is obvious that the RA of the
P+Ce-added steel increases continuously with increasing temperature. Starting from ~75% at 750 ◦C,
it rises up to ~90% at 850 ◦C, where it is just approximately 70% and 50%, respectively, for the P-added
and unadded steels. Above 900 ◦C, the HD has no obvious difference between these steels, whose RA
values are all higher than 90%. Therefore, the combined addition of P and Ce in the SA508Gr.4N RPV
steel is able to achieve a superior HD performance.
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Figure 1. Hot ductility curves for the unadded, P-added, and P+Ce-added steels.

3.2. Fractographic Analysis

SEM micrographs of the fracture surfaces for the unadded, P-added, and P+Ce-added samples are
represented in Figure 2. When deformed at 750 ◦C, three types of samples all exhibit similar ductile
fracture with a number of small dimples (Figure 2a–c). This is well in agreement with their similar high
RA values (Figure 1). When deformed at 800 ◦C, the fracture morphology for the unadded sample is
ductile with some brittle characteristics demonstrated seemingly by some intergranular facets (Figure 2d).
During the tensile test, some cracks could initiate and propagate along austenite grain boundaries. This is
in agreement with its low RA value (~60%). However, the fracture morphologies for the P-added and
P+Ce-added samples are fully ductile (Figure 2e,f), being well corresponding to their much higher RA
values as shown in Figure 1. In addition, it is clear that the P+Ce-added sample exhibits bigger and
deeper dimples than the P-added one, which is also well consistent with the difference between their RA
values (P-added: ~70%; P+Ce-added: ~80%). At 850 ◦C, there are distinct differences in RA (Figure 1)
and fracture morphology (Figure 2g–i) between the three steels. The unadded sample displays mainly
an intergranular fracture characterized by intergranular facets accompanied with somewhat ductile
characteristics, where the RA is only ~50%. However, the P-added and P+Ce-added samples still present
ductile rupture. Compared with the P-added sample, the P+Ce-added one exhibits more visible and bigger
dimples. This is well reflected in their RA values, being about 70% and 90%, respectively. When deformed
at 1000 ◦C, all the samples exhibit a completely ductile fracture (Figure 2j–l), corresponding well to their
high RA values (Figure 1). Consequently, the results of fracture characteristics further confirm that the
combined addition of P and Ce has a positive effect on the HD behavior of SA508-4N RPV steel.
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Figure 2. SEM fractographs of the specimens tested at different temperatures: (a) unadded steel at 750 ◦C;
(b) P-added steel at 750 ◦C; (c) P+Ce-added steel at 750 ◦C; (d) unadded steel at 800 ◦C; (e) P-added
steel at 800 ◦C; (f) P+Ce-added steel at 800 ◦C; (g) unadded steel at 850 ◦C; (h) P-added steel at 850
◦C; (i) P+Ce-added steel at 850 ◦C; (j) unadded steel at 1000 ◦C; (k) P-added steel at 1000 ◦C; and (l)
P+Ce-added steel at 1000 ◦C.

3.3. Microstructural Observation

The longitudinal microstructural observations near the fracture tip are presented in Figure 3.
As shown, no visible proeutectoid ferrite is precipitated along prior austenite GBs for any type of
the ruptured samples after the tensile test. This indicates that the HD behavior of the three steels is
merely related to the deformation of austenite. If the DR and GB sliding do not take place during hot
deformation, the deformation bands will be formed along the tensile direction. The finer the bands,
the stronger the deformation ability, and thus the better is the HD behavior. When deformed at 750 ◦C,
there is no obvious difference in the band-shaped structure between different steels (Figure 3a–c).
This is in accord with their similar RA values (Figure 1). However, when deformed at 800 ◦C, there is
an apparent difference in morphology (Figure 3d–f). The band-shaped structure becomes more evident
from the unadded to P-added to P+Ce-added samples, implying that the deformation capability
increases in the same order, as demonstrated in Figure 1. When deformed at 850 ◦C, the band-shaped
structure is still seemingly visible in the unadded and P-added samples and more clear in the latter
(Figure 3g,h), being coincident with their RA values (~50% and 70%, respectively). Nevertheless, there is
no band-shaped structure formed in the P+Ce-added sample (Figure 3i). Owing to the fact that the
P+Ce-added sample exhibits a very high RA at this temperature (~90%), the DR should have occurred
during hot deformation. It is worth noting that the microstructural morphology of the unadded
sample (Figure 3g) clearly indicates that some cracks are initiated and propagated along austenite grain
boundaries, thereby causing intergranular fracture characterized by the sawtooth-shaped fracture tip.
This is well in accordance with the fracture morphology as shown above. When deformed at 900 ◦C or
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above, there are no band-shaped structures in all deformed samples, but with a high HD performance
(Figure 3j–l). Under these circumstances, it can be inferred that the DR has took place in the course
of hot deformation at these temperatures. Therefore, the combined addition of trace P and Ce in the
SA508-4N RPV steel may be able to lower the starting temperature of DR from ~900 to ~850 ◦C.

Figure 3. Optical microstructures near fracture tips of the specimens tested at different temperatures:
(a) unadded steel at 750 ◦C; (b) P-added steel at 750 ◦C; (c) P+Ce-added steel at 750 ◦C; (d) unadded
steel at 800 ◦C; (e) P-added steel at 800 ◦C; (f) P+Ce-added steel at 800 ◦C; (g) unadded steel at 850 ◦C;
(h) P-added steel at 850 ◦C; (i) P+Ce-added steel at 850 ◦C; (j) unadded steel at 900 ◦C; (k) P-added
steel at 900 ◦C; and (l) P+Ce-added steel at 900 ◦C.

4. Discussion

The following factors usually affect the HD of a steel. In the austenite–ferrite dual-phase
region, the HD may be degenerated by a thin ferrite layer precipitated along the austenite GB since
the hot deformation can be concentrated in this thin ferrite area, resulting in failure with a small
overall deformation [9,13,14,34]. In the austenite single-phase region, the HD can be deteriorated by
the GB sliding or substantially enhanced by the DR [9,12,14,35–38]. As the GB strength decreases
with the increase of temperature, the GB sliding will become more serious at a higher temperature
(i.e., the GB sliding increases with the increase of temperature), thereby reducing the HD of the steel.
Generally, the GB sliding is affected by the GBS of solute or impurity atoms and the GB precipitation
of carbides [15,39–41]. However, the DR would occur during hot deformation if the deformation
temperature is sufficiently high, resulting in a dramatic enhancement of HD. Accordingly, the HD
trough of a steel in the austenite single-phase range is caused by a combination of GB sliding and DR.
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Besides, the austenite grain size is another factor influencing the HD of a steel. Normally, the samples
with finer grains would exhibit higher RA values as compared with the coarse-grained samples.

Optical microscopy, as shown in Figure 3, indicates that all the three steels have no evident
proeutectoid ferrite precipitation at prior austenite GBs after hot deformation, even at 750 ◦C.
This implies that the Ar3 of this RPV steel is lower than 750 ◦C; that is, the deformation between 750 and
1000 ◦C was proceeded in the austenite single-phase range. Since the microstructural characteristics
are not very clear because of the deformation bands near the fracture tip as displayed in Figure 3,
it is necessary to further confirm that the Ar3 of the steel is definitely lower than 750 ◦C. For this,
the samples were heated to 1300 ◦C for 180 s, then furnace-cooled to 750 ◦C and maintained there
for 1 h, followed by water quenching. Evidently, the optical microstructure revealed by etching
with nital, as shown in Figure 4a,c,e, is a typical quenched martensite with no proeutectoid ferrite
formation. Consequently, the Ar3 of the steel is lower than 750 ◦C indeed, which is well consistent with
thermodynamic calculations where the A3 (or Ae3) of this RPV steel is forecasted as ~750 ◦C [11,42,43].
To reveal the prior austenite grain boundaries, the samples were etched with a supersaturated picric
acid aqueous solution. As shown in Figure 4b,d,f, the average austenite grain size has no noticeable
difference between different steels, which are about 178, 191, and 186 μm for the unadded, P-added,
and P+Ce-added steels, respectively, determined by the linear intercept method. Based on these results,
it could be inferred that before hot deformation at each temperature, the average grain size of austenite
had no apparent difference between different steels. Therefore, the difference in HD behavior between
these steels may not be related to grain size. It is worth mentioning that since the HD measurements
were all performed in the austenite single-phase region, the microstructural constituents after hot
tensile testing and subsequent cooling are not concerned with the above HD behavior. Accordingly,
it is unnecessary to take into account their details in the present research.

Figure 4. Optical micrographs of the specimens heated at 1300 ◦C for 180 s, furnace-cooled to
750 ◦C and held there for 1 h, followed by water quenching: (a,b) unadded steel; (c,d) P-added
steel; (e,f) P+Ce-added steel; (a,c,e) etched with nital; (b,d,f) etched with supersaturated picric acid
aqueous solution.
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Many investigations [20,36,44] have demonstrated that the DR can relieve the concentrations of stress
and dislocations so that the HD behavior can be significantly improved by restraining the microcrack
formation. In other words, the starting temperature at which the DR may occur during hot deformation
has a great impact on the HD performance of a steel. As inferred previously from Figures 1 and 3,
the DR occurred during hot deformation at 850 ◦C for the P+Ce-added sample and at 900 ◦C or above
for all the three types of samples. This will be further discussed tentatively on the basis of EBSD images.
The EBSD images in the regions near the fracture tip of the samples tested at 800, 850, 900, and 1000 ◦C are
illustrated in Figure 5. As observed in Figure 5a–c, there are the distinct oriented big blocks in all samples
deformed at 800 ◦C, and within each big block, the colors for different small constituents have no large
difference. With reference to Figures 1 and 3, it could be believed that the DR did not occur during hot
deformation. It is also seen that the distinct oriented big blocks exist in both the unadded and P-added
samples deformed at 850 ◦C (Figure 5d,e). For the P+Ce-added sample deformed at 850 ◦C, a mixture of
oriented big blocks and equiaxed small blocks is mainly formed (Figure 5f), while the equiaxed small
blocks present primarily in the other cases. This demonstrates that when deformed at 850 ◦C, the DR
should have happened to some degree in the P+Ce-added sample, but it should have not in the unadded
and P-added samples. When deformed at 900 ◦C or above, all EBSD images exhibit a similar morphology
mainly with equiaxed small blocks. Accordingly, the DR should have fully occurred in these samples,
leading to an excellent HD behavior as shown Figure 1.

The stress–strain curves at different temperatures are shown in Figure 6. It is clear that the tensile
strength is generally higher for the P-added and P+Ce-added samples than for the unadded ones,
and the peak stress shifts to higher strains. As is well acknowledged [45,46], to initiate DR during
hot deformation at a certain temperature, a critical stored energy is required. Since 90%–95% of the
deformation energy is normally dissipated by heat generation and only 5%–10% is stored in the defects
within the sample, it is assumed that the stored energy in the material during deformation is about 10%
of the deformation energy, and the uniform deformation can reach the peak stress. The deformation
energy may be estimated by the area under the stress–strain curve before the peak stress, and thus
the stored energy can be obtained. The stored energies are represented in Figure 7 for the samples
deformed at 800–1000 ◦C. Apparently, when deformed at 850 ◦C, the stored energy increases on going
from the unadded to P-added to P+Ce-added samples. It can be conceived that at 850 ◦C, the stored
energies in the unadded and P-added samples cannot attain their corresponding critical stored energies
for the initiation of DR, while the critical stored energy can be reached in the P+Ce-added samples. As a
consequence, the DR in the P+Ce-added samples took place to some extent during hot deformation
at 850 ◦C, raising its RA to a high level of ~90% (Figure 1). Nevertheless, this did not happen in
the unadded and P-added samples. When deformed at 900 ◦C or above, the stored energies for all
the samples should have well surpassed their corresponding critical energies, and hence the evident
DR should have occurred in the course of hot deformation, thereby significantly enhancing the HD
performance as illustrated in Figure 1.
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Figure 5. EBSD images showing microstructural features for the specimens tested at different
temperatures: (a) unadded steel at 800 ◦C; (b) P-added steel at 800 ◦C; (c) P+Ce-added steel at 800 ◦C;
(d) unadded steel at 850 ◦C; (e) P-added steel at 850 ◦C; (f) P+Ce-added steel at 850 ◦C; (g) unadded
steel at 900 ◦C; (h) P-added steel at 900 ◦C; (i) P+Ce-added steel at 900 ◦C; (j) unadded steel at 1000 ◦C;
(k) P-added steel at 1000 ◦C; and (l) P+Ce-added steel at 1000 ◦C.
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Figure 6. Stress–strain curves for the unadded, P-added, and P+Ce-added steels at different
temperatures: (a) 800 ◦C, (b) 850 ◦C, (c) 900 ◦C, (d) 950 ◦C, and (e) 1000 ◦C.
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Figure 7. The stored energies in different samples deformed at different temperatures.
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As clarified above, the trace addition of P and Ce can raise the HD of the steel in the case of no
DR. This should be realized by restraining the GB sliding by their GBS. Since there is no occurrence
of DR in the 800 ◦C-deformed samples and they have an apparent difference in RA, the boundary
segregation of P and Ce in the P-added and P+Ce-added samples tested at this temperature was
investigated using FE-STEM along with EDS, and the analyzed results are shown in Figure 8. As can
be seen, the GB concentration of P is about 0.33 at.% for the P-added sample and 0.23 at.% for the
P+Ce-added one, which are much higher than their respective matrix levels. The GB concentration
of Ce is about 0.22 at.%, which is 18 times as high as its matrix level (approximately 0.012 at.%).
Therefore, the GBS of P took place in the P-added and P+Ce-added samples, and that of Ce did in the
P+Ce-added sample. As described in [11], the beneficial effect of P GBS on the HD of a steel might be
explained as follows. The segregated P atoms could take up the boundary vacant sites like “cavities,”
thereby lessening the GB sliding as the boundary cavities could be more effective in facilitating the
boundary sliding than the segregation of P. As for the effect of Ce, many studies [26–29,37] have
revealed that the GBS of Ce can raise the GB cohesion. Due to the augmentation of boundary cohesion,
the GB sliding can be suppressed to a certain degree, thus enhancing the HD performance of the steel.
Moreover, the suppression of the GB sliding may enable the uniform hot deformation to extend a higher
strain with a higher flow stress. This may make the deformed material possess more stored energy,
thereby lowering the initial temperature of DR as shown above. In addition, Ce can suppress the GBS
of P to a certain extent, reducing the detrimental effect of P on the boundary cohesion. Therefore,
the GBS of Ce can further raise the RA value of the steel, from ~70% for the P-added sample to ~90%
for the P+Ce-added one, completely eliminating the HD trough. These results are in agreement
with previous studies [23,29,37,47]. The GBS of rare earth Ce can considerably improve the HD of a
1Cr-0.5Mo low-alloy steel by enhancing the boundary cohesion and lowering the initial temperature
of DR and suppressing the deleterious effect of impurity Sn [23,37]. The segregation of Ce can also
enhance the HD of a Sn-doped C-Mn RPV steel by the same mechanisms [29]. The GBS of rare earth
La is able to improve the HD of a low-carbon steel doped with As and Sn by reducing the GBS of
harmful impurities As and Sn and lowering the starting temperature of DR [47]. The GBS of solute
atoms in steel is divided into equilibrium segregation (ES) and nonequilibrium segregation (NES).
The ES is produced during equilibration of the system. It is a function of temperature and decreases
exponentially with rising temperature [48,49]. The NES of solute atoms counts on the formation
of supersaturated vacancy–solute complexes since there is a binding energy between vacancy and
solute atom [50], and the vacancies are supersaturated in the course of cooling from a high heating
temperature [51–53]. During cooling, the complexes diffuse from the grain interior to the boundary,
causing the solute boundary segregation. Furthermore, the NES may also be produced during hot
plastic deformation as the deformation can create excess vacancies [54,55].
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Figure 8. Grain boundary concentrations of P and Ce in the P-added and P+Ce-added specimens tested
at 800 ◦C, determined by FE-STEM microanalysis.
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As described above [11,15,39], carbide precipitation along the GBs also plays an important role in
the HD behavior. As seen from TEM micrographs in Figure 9, there is no apparent carbide precipitation
formed along the GBs when deformed at 800 ◦C for all the three types of samples. This consists well
with the results of Thermo-Calc calculations, which indicate that no apparent M23C6-type carbides
are precipitated above 750 ◦C in the SA508-4N steel [11,42]. Accordingly, the HD performance in the
austenite single-phase range should have nothing to do with the GB precipitation of carbides for this
RPV steel.

Figure 9. Transmission electron micrographs for the specimens tested at 800 ◦C: (a) unadded steel,
(b) P-added steel, and (c) P+Ce-added.

5. Conclusions

The HD behaviors of three heats of SA508-4N RPV steel, unadded, P-added, and P+Ce-added,
were investigated in detail over the range of 750–1000 ◦C. The testing temperatures are located in the
austenite single-phase region. A deep HD trough exists for the unadded steel with the lowest RA value
of ~50% at 850 ◦C, whereas there is no HD trough present for the P+Ce-added steel whose RA value is
up to ~90% at this temperature, demonstrating that the trace addition of P and Ce can dramatically
raise the HD of the steel, especially at temperatures between 800 and 900 ◦C. No doubt, the quality of
continuous casting and hot working of the P+Ce-added steel can be improved considerably. The main
mechanism for the above effect is suggested to be DR and GBS. The P+Ce addition in the steel may
lower the initial temperature of DR from ~900 to ~850 ◦C. Meanwhile, the GBS of P and Ce may restrain
the GB sliding by enhancing the GB cohesion. Consequently, the combined addition of minor P and Ce
can significantly enhance the HD performance of SA508-4N RPV steel. No doubt, the highly enhanced
HD performance of this steel can improve the quality and productivity of its continuous casting and
hot working.
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Abstract: Heat treatment has a significant impact on the microstructure and the mechanical proper-
ties of Al-Mg-Si alloys. The present study presents a first Phase-Field modelling approach on the
recrystallisation and grain growth mechanism during annealing. It focuses on the precipitate fraction,
radius, and Mg-Si concentration in the matrix phase, which are used as input data for the calculation
of the yield strength and hardness at the end of different ageing treatments. Annealing and artificial
ageing simulations have been conducted on the MultiPhase-Field based MICRESS@ software, while
the ThermoCalc@ software has been used to construct the pseudo-binary Al-Mg phase-diagrams
and the atomic-mobility databases of MgxSiy precipitates. Recrystallisation simulation estimates the
recrystallisation kinetics, the grain growth, and the interface mobility with the presence/absence
of secondary particles, selecting as annealing temperature 400 ◦C and a microstructure previously
subjected to cold rolling. The pinning force of secondary particles decelerates the overall recrys-
tallisation time, causing a slight decrease in the final grain radius due to the reduction of interface
mobility. The ageing simulation examines different ageing temperatures (180 and 200 ◦C) for two
distinct ternary systems (Al-0.9Mg-0.6Si/Al-1.0Mg-1.1Si wt.%) considering the interface energy and
the chemical free energy as the driving force for precipitation. The combination of Phase-Field and
the Deschamps–Brechet model predicted the under-ageing condition for the 180 ◦C ageing treatment
and the peak-ageing condition for the 200 ◦C ageing treatment.

Keywords: Al-Mg-Si alloys; phase-field; heat-treatment; recrystallisation; ageing; precipitation
hardening; micress; thermocalc

1. Introduction

Nowadays, the demand to reduce the overall automobile weight as a prerequisite for
improved fuel efficiency has increased the interest for the lightweight aluminium alloys,
which combine a high strength to weight ratio, an excellent response to mechanical and
chemical corrosion, and superb formability and weldability [1]. Among the different series
of aluminium alloys, vital is the role of the heat-treated 6XXX alloys, with Mg and Si
as the main alloying elements, which are used in a wide range of technological sectors,
including the automobile for automotive skins, the naval industry for marine vessels,
and the aerospace industry for missiles, as well as extrusion profiles and pipelines [1–3].
The conventional processing of AA6XXX aluminium alloys consists of a thermomechan-
ical treatment, usually rolling or extrusion, and a subsequent heat treatment including
annealing and isothermal artificial ageing. The annealing treatment includes successive
and competitive stages of recovery, static recrystallisation, and grain growth resulting
in microstructures consisting of un-deformed equiaxed fine grains. The difference in
stored volume energy between the deformed non-recrystallized and undeformed recrystal-
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lized grains acts as a driving force for the annealing, while nanoparticles, primarily iron
intermetallic particles, retard recrystallisation through the Zener pinning action [4].

The artificial ageing leads to the successive precipitation of MgxSiy intermetallic
particles, which improve the yield strength and hardness of Al-Mg-Si alloys impeding the
dislocation movement by shearing or bypassing (Orowan Loop) mechanism [1].

The optimization of AA6XXX alloys processing requires the development of fast,
precise and versatile modelling techniques for both the annealing and the isothermal
artificial ageing treatment. For both processes, the semi-empirical JMAK equations, which
rely on randomness, have extensively been used [5]. However, Lan et al. [6] and Jou et al. [7]
have shown that the Phase-Field modelling more accurately approached the analytical
solution of recrystallisation in comparison to the JMAK model. For the isothermal artificial
ageing process, numerous models have been proposed, considering the alloying elements
concentration and the ageing conditions (time and temperature) in order to predict the
precipitation volume fraction and radius, and their contribution to the overall strengthening
of the alloy. These models lie on both the atomistic scale, as the Kinetic Monte Carlo
approach [8], and the mesoscale, like the Kampman–Wagner [9] and the KiNG model [10],
while the thermodynamic approach of CALPHAD has also been taken into account [11].

One of the most prominent numerical approaches for the evolution of precipitation
mechanism is the mesoscale based MultiPhase-Field modelling, which incorporates the
thermodynamic equations of Gibbs–Thompson that describe the dissolution/growth—of
precipitates—and the Onsager equations, which describe the dissipation of free energy [12],
while it can be coupled with the CALPHAD approach. In the MultiPhase-Field approach,
microstructure is represented continuously using an order parameter ϕ, as a function of
position and time, with a specific order parameter attributed to every single phase or even
every grain of the system taking the value 0 for the matrix and the value 1 for precipitates.
The interfaces are set as narrow regions, whose phase-field variables vary gradually be-
tween their values in the neighbouring grains, in the range 0 < ϕ < 1, so that the model is
described as a diffuse-interface approach, which secures an accurate and computationally
flexible description of interfaces and their importance for the precipitation phenomena. The
MultiPhase-Field models can insert, concurrently, the reduction of chemical free energy, the
interface energy, and the elastic energy as driving force for the evolution of microstructure
during ageing, while they can beneficially deal with phenomena, which are character-
ized by the overlap between the diffusion fields of particles which grow from different
locations [13,14]. Phase-Field modelling has been used for various phase transformation
simulations including solidification [15], martensite transformation [16], the α → γ transfor-
mation [17], and the ageing of nickel superalloys [18,19] and 2XXX aluminium alloys [20].
The use of Phase-Field approach for numerical simulation and microstructure evolution
of the aged Al-Mg-Si alloys is an innovative and demanding procedure considering the
absence of literature and the time consumable simulation.

The current work is divided into the annealing and the ageing simulation. The anneal-
ing simulation focuses on the recrystallisation and grain growth mechanism, identifying
the impact of secondary particles-pinning force on the recrystallisation kinetics and the
average radius of recrystallized grains. The ageing simulation examines the evolution
of the volume fraction and the radius of precipitates for varying ageing conditions and
chemical compositions, while estimating the yield strength and hardness by the end of
every single ageing simulation.

2. Materials and Methods

2.1. Al-Mg Phase Diagrams

The row of the simulation’s steps is depicted in Figure 1. Al-Mg pseudo-binary
phase diagrams are constructed with constant Si wt.% with the use of the ThermoCalc®®

software (version 2019b, Royal Institute of Technology-KTH, Stockholm, Sweden) based
on the TCAL4 thermodynamic database of aluminium alloys. Based on literature [2,4], two
distinct chemical compositions are selected, Table 1, attributed to AA6061-AA6063 (1st
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case) and AA6082 (2nd case), respectively. The constructed phase diagrams are illustrated
in Figure 2.

Figure 1. Simulation procedure analysis.

Table 1. Selected compositions of AA6XXX aluminium alloys [1,2,4].

Element Mg Si Fe Mn Al

1st case
(wt.%) 0.9 0.6 0.35 0.1 98.05 (bal.)

2nd case
(wt.%) 1.0 1.1 0.35 0.1 97.45 (bal.)

(a) 

Figure 2. Cont.
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(b) 

Figure 2. Equilibrium pseudo-binary Al-Mg phase diagrams, with constant Si concentration equal to
0.6 wt.% for (a) and 1.1 wt.% for (b).

2.2. Phase-Field Modelling

For the simulation of Al-Mg-Si alloys heat treatment, the MultiPhase-Field based
MICRESS®® software (version 6.402) has been used, a computational tool developed by
ACCESS e.V. research centre at the RWTH Aachen University in Germany. The equation
of the phase-field variable (ϕ) of the recrystallisation mechanism is given in Equation (1),
where τ is the kinetic parameter, e is the energy gradient coefficient, g(ϕ) is a double-well
function with heigh h, p(ϕ) is the interpolation function, while the difference between
the free energy of the deformed and the undeformed-recrystallized microstructure (fDef
− fRex) acts as the driving force for the recrystallisation mechanism [6]. The evolution of
precipitate phase order parameter (

.
ϕp) is given in Equation (2), based on the modification of

Steinbach’s proposal [21] for the solid–liquid systems, where μpm, σpm, lpm, ΔGpm describe
the interface mobility, interface energy, interface width, and the driving force, respectively,
while ϕm is the order parameter of the matrix phase.

∂ϕ

∂t
=

(
1
τ

)
[e2∇2 ϕ − h

(
∂g
∂ϕ

)
+ ∂p/∂ϕ

(
fDe f − fRex)] (1)

.
ϕp = μpm

[
σpm

{
∇2 ϕp −

(
ϕp ϕm

l2
pm

)(
ϕp − ϕm

)}
+ ΔGpm

(
1

lpm

)
ϕp ϕm

]
(2)

2.3. Annealing Treatment Simulation

For the annealing treatment simulation, through MICRESS®® software, a suitable file
has been created including the necessary parameters (Table 2) that describe the recrystallisa-
tion and grain growth mechanism, while the recovery mechanism is not taken into account.
The estimation of the energy threshold (ΔE), as a driving force of recrystallisation, is given
in Equation (3), where μ is the shear modulus, b the burger vector, and pi the dislocation
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density, attributed to cold rolling of Al-Mg-Si alloys [22]. The simulated microstructure
consists only of the matrix aluminium phase, whereas the impact of the secondary iron
phase and MgxSiy nanoparticles is taken into consideration via their pinning action. Cube
texture [22,23] appears to be the most important crystallographic component of Al-Mg-Si
alloys rolling and extrusion, and consequently its respective Miller indices have been in-
serted to the deformed microstructure. For the avoidance of a possible overlapping among
the initial grains, the Voronoi tessellation has been enacted. Seeds of the recrystallized
grains are set to nucleate on both the interior of the deformed grains and the interfaces.
Two simulations have been conducted: One with the presence of pinning action, and one
without the pinning action.

ΔE = 0.5μb2pi (3)

Table 2. Principal parameters of annealing simulation.

Parameter Value

Annealing Conditions 400 ◦C/5 min [22]
Interface Energy 0.32 J/m2 [22]

Interface Mobility 3.8 × 10−5 cm4/Js [24]
Shear Modulus Equation (84.8–4.06 × 10−2 × T)/(2 × (1 + v)) [22]

Poisson Ration (v) 0.33 [22]
Burger Vector 0.286 nm [22]

Dislocation Density (pi) 0.5 × 1014 1/m2 [22]
Energy Threshold 4.42 × 10−2 MPa

Pinning Force 0.18 1/μm [25]
Miller Indices (hkl) and (uvw) 001 and 100 respectively

Number of Cells (x × z) 500 × 500
Cell Dimension 0.5 μm

Maximum Rotation Angle 15◦
Prefactor of Interfacial Energy for Low-angle

Grain Boundaries 0.2

Prefactor of Interfacial Mobility for Low-angle
Grain Boundaries 0.1

2.4. Isothermal Artificial Ageing Simulation

For the case of isothermal artificial ageing simulation, mesh analysis is conducted, con-
sidering the importance of high resolution in depicting the nanoscopic size of precipitation
particles and in calculating their critical curvature. The main parameters of mesh analysis
are given in Table 3. For both the mesh analysis and the subsequent ageing simulations,
the overall microstructure has been set equal to 20 × 20 μm2. In order to insert a sufficient
number of matrix phase grains, they are set to have a quite low average diameter, between
7.7 and 10 μm, which lies in the lower price range [26–28], while the ageing temperature
does not permit recrystallisation to take place. It is worth noting that the applied values of
the Al matrix grain diameter are not the same as the grain size estimated in the recrystallisa-
tion simulation. The reason for this variation is the necessity to insert a quite large number
of Al grains (13) in the overall microstructure so as to be able to have a representative
depiction of the spatial distribution of precipitate particles. As in the case of annealing,
the Voronoi tessellation has been used for the improvement of the initial microstructure.
An equal and quite large number of seeds are set to precipitate on both the interior of the
matrix phase grains and the interfaces (3.75 particles/μm2), while a shield distance (1 μm)
and shield time have been set (1 s) for the nucleation and the initial growth or precipitates.
It is worth noting, that the incubation time is considered to be negligible. For the ageing
simulation, the ternary Al-Mg-Si system is used, as Mg and Si are the alloying elements
which participate in the β-series particles (MgxSiy).
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Table 3. Principal parameters of mesh analysis.

Parameter Value

Ageing Conditions 220 ◦C-4 h [29]
Number of Cells (x × z) 500/800/1100/1400/1700/2000

Cell Dimension (nm) 40/25/18.2/14.3/11.8/10
Composition wt.% Al-0.9Mg-0.6Si

Using ThermoCalc®®, the necessary thermodynamic (TCAL4) and mobility (MOBAL3)
databases of MgxSiy phase have been constructed and inserted to MICRESS file, through
TQ interface. Precipitate particles are considered to have spherical morphology, with
constant chemical formula (Mg2Si). The main parameters of ageing simulations are given in
Table 4. The mobility pre-factors were adjusted, after trial-and-error sequences, to stabilize
the matrix phase grains. The prices of molar volumes were taken from ThermoCalc@.
Given that precipitates are assumed to have spherical morphology, the elastic driving force
has not been considered, as according to studies [30] it appears to have insignificant effect
on the overall volume fraction of precipitates. Overall, 4 ageing simulations have been
conducted, considering the ternary systems Al-0.9Mg-0.6Si and Al-1.0Mg-1.1Si (wt.%) for
each of the following conditions: 180 ◦C-8 h [1,5,31], 200 ◦C-8 h [1,32].

Table 4. Principal parameters of ageing simulation.

Parameter Value

Microstructure dimension 20 × 20 μm2

Interface energy (Al phase/Al phase-Mg2Si) 0.26 J/m2 [1]/0.18 J/m2 [33]
Interface mobility (Al phase/Al phase-Mg2Si) 3.2 × 10−13 m4/Js/2 × 10−13 m4/Js

Matrix Phase molar volume 10.1 × 10−6 m3/mol
Mg2Si Phase molar volume 12.9 × 10−6 m3/mol

2.5. Yield Strength and Hardness estimation

The outputs of MultiPhase-Field analysis are used so as to estimate the yield strength
and hardness, calculated via Equations (4) and (9), respectively [9,34]. The value of yield
strength (σys) is calculated as the sum of the grain-boundary strengthening (Δσgb), the solid
solution strengthening (Δσss), the modulus strengthening (Δτms), and the precipitation
strengthening (Δτppt), based on Deschamps–Brechet model [34]. In Equation (5), kj and ci

j

are the scaling factor and the weight % concentration, respectively, of j solute elements,
where j = Mg and Si. In Equations (6)–(8), r is the radius and f the volume fraction of
precipitates, b is a parameter equal to 0.5, while rc is the transition radius from shearing
(Equation (6)) to bypassing mechanism (Equation (8)). The term G expresses the shear
modulus of Al matrix phase, whereas the term ΔG describes the difference of shear modulus
between the matrix phase and the precipitates. The basic parameters for the yield strength
and hardness calculation are given in Table 5.

σys = Δσgb + Δσss + M
√

Δτ2
ms + Δτ2

ppt (4)
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HV = 0.33σy + 16 (9)

Table 5. Input parameters for yield strength and hardness calculation.

Parameter Value

kSi 66.3 MPa/wt%
3 [1]

kMg 29.0 MPa/wt%
3 [1]

Δσgb 16 MPa [1]
Taylor Factor M 3.1 [1]

rc 5 nm [9]
GAl 26.5 GPa [33]

GMg2Si 37.4 GPa [33]
Γ = (GAlb2)/2 1.1025 × 10−14 GPa × m2 [33]

3. Results

3.1. Al-Mg Phase Diagrams

Figure 2 illustrates the binary Al-Mg phase diagrams, with constant Si concentra-
tion (wt.%) equal to 0.6 and 1.1. In both cases, for temperatures above 650 ◦C, the mi-
crostructure includes only the liquid phase while, during undercooling, the formation
of iron-intermetallic phases has been observed at 620 ◦C. For the lower Si concentration
(0.6 wt.%), the iron intermetallic phase has a general chemical formula of Al8Fe2Si, at-
tributed to the general category of α-AlFeSi particles, having spherical morphology and
cubic crystal structure. After the end of solidification and about the range 620–580 ◦C,
Al8FeSi will be transformed to Al9Fe2Si2, attributed to the general category of β-AlFeSi
particles, needle-shaped, having a hexagonal crystal structure [35,36]. On the contrary, for
a higher Si concentration (1.1 wt.%) the transformation α-AlFeSi to β-AlFeSi is achieved
before the completion of solidification. For each case, β-AlFeSi remains thermodynamically
stable until room temperature. For the β-phase (Mg2Si), the temperature range of formation
depends on the Mg and Si concentration. For Mg concentration equal to 0.45%, Mg2Si is
thermodynamically stable from 450–500 ◦C, for Mg concentration equal to 0.9%, Mg2Si
is thermodynamically stable from 500–550 ◦C, while for Mg concentration equal to 1.0%,
Mg2Si is thermodynamically stable from 550–600 ◦C, just after the solidification.

The constructed phase diagrams confirmed the importance of Si content for the com-
position and temperature stability of iron-intermetallic phases. It is worth mentioning,
that the microstructure phases, depicted in the constructed diagrams, are attributed to
equilibrium conditions, far beyond those appearing during the conventional processing,
as infinite time is given for the formation of phases like AlMn and diamond Si. Conse-
quently, the aforementioned phases are not anticipated to participate during the ageing
treatment. On the other side, the equilibrium conditions of phase diagrams reason the
absence of metastable MgxSiy phases. The quenching, after the end of annealing, prevents
the formation of Mg2Si phases at low temperatures, as described by the phase-diagrams.
Consequently, it is imperative to conduct the ageing treatment above 150 ◦C for precipitates
being able to nucleate, grow, and coarsen, but lower than 300 ◦C so as to prevent the
recrystallisation of the matrix phase.

3.2. Recrystallisation and Grain Growth Simulation

The temporal evolution of recrystallized fraction is illustrated in Figure 3. It can
be seen that the presence of pinning action affects recrystallisation kinetics, causing a
slight deceleration of the mechanism as the fully recrystallized microstructure is achieved
after t = 150 s, while the fully recrystallized microstructure is achieved without the action
of nanoparticles after t = 100 s. Similarly, a slight deviation is noticed for the average
radius of the recrystallized grains, Figure 4, where the action of pinning force causes an
average reduction of about 1 μm. The difference between the two cases is noticed for the
overall number of recrystallized grains. For both cases, the initial deformed microstructure
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consists of 230 grains. During the simulation, the number of grains is reduced, as the most
developed grains move competitively through the interface of their neighbouring grains
and grow at the expense of the smaller ones that shrink.

 

Figure 3. Evolution of recrystallisation fraction. The JMAK estimation and experimental data are taken from the work of
Poletti et al. [22].

 

Figure 4. Evolution of the recrystallized grains average radius.

The presence of the secondary particles, through their pining impact, results in a
lower decrease of the overall number of grains, the number of which is stabilized between
150–200 s. The evolution of the grain’s number is depicted in Figure 5. The aforementioned
differences between the two simulations can be explained by their difference in the average
value of interface mobility, as illustrated in Figure 6. As anticipated, the pinning action
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causes lower values of interface mobility with the deviation of the two cases remaining
constant throughout the simulation.

 

Figure 5. Evolution of the number of grains during the simulation.

 

Figure 6. Evolution of interface mobility during the simulation.

3.3. Isothermal Artificial Ageing Simulation

Figure 7 depicts the mesh analysis for the 220 ◦C-4 h simulation of the Al-0.9Mg-0.6Si
ternary system. For the lower values of cells (500–800–1100), severe deviation is estimated
among the successive simulations, for the precipitate fraction, in the range between 20–30%.
On the contrary, the analysis with 1700–2000 cells, appears to provide much more similar
results, with a slight deviation, lower than 2%. Such a deviation can be thought of as
acceptable, and consequently, between the two analyses, the 1700 × 1700 is selected due
its lower overall simulation time. The analysis of 1700 × 1700 cells, with cell dimension
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equal to 11.8 nm and interface width equal to 35.4 nm (3 × 11.8), will be implemented for
the subsequent ageing simulations. Choosing the 1700 × 1700 cells, Figure 8 presents the
precipitate fraction for the 180–200 ◦C ageing simulations.

 

Figure 7. Mesh analysis of 220 ◦C-4 h ageing treatment for Al-0.9M-0.6Si ternary system.

 

Figure 8. Temporal evolution of the precipitate fraction.

For the 180 ◦C ageing, the estimated wt.% of Mg2Si is quite low, equal to 0.21 for the
ternary Al-0.9Mg-0.6Si and 0.29 for Al-1.0Mg-1.1Si. For the higher ageing temperature of
200 ◦C, a significant increase is recorded as the precipitate fraction reaches the value 0.87
for the ternary Al-0.9Mg-0.6Si and the value 1.25 for the ternary system Al-1.0Mg-1.1Si.

As illustrated by Figure 9, the precipitate average radius records its lower values
for the 180 ◦C ageing simulation, equal to 16.4 nm for Al-0.9Mg-0.6Si and 17 nm for Al-
1.0Mg-1.1Si. For 200 ◦C ageing, the average radius significantly increases, reaching the
value 32.2 nm for the ternary Al-0.9Mg-0.6Si and 37.9 nm for Al-1.0Mg-1.1Si system. For
constant ageing temperature, the two compositions record similar values, with a slightly
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higher price achieved by the Al-1.0Mg-1.1Si system. From both Figures 9 and 10, it can
be seen that for the 180 and 200 ◦C simulations, precipitates and their average radius are
rapidly grown, while their increasing rate reaches a plateau after 4 h of ageing. Given that
all simulations begin with the same number of Mg2Si grains and the same overall study
surface, Figure 10 depicts the evolution of precipitate’s density.

 

Figure 9. Temporal variation of the precipitate radius.

 

Figure 10. Temporal evolution of the precipitate’s density.

It can be seen that, in every simulation, a slight decrease of precipitate density is
recorded as the thermodynamically unstable precipitates are dissolved providing Mg and
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Si content for the growth of the thermodynamically stable precipitates. It is also observed
that for the lower ageing temperatures (180 ◦C), with the lowest precipitate fractions,
precipitate density appears to have its highest values. On the other side, the 200 ◦C ageing
simulations, attributed to the maximum precipitate fraction, have the lowest values of
precipitate density. This contradiction between the precipitate fraction and density is
explained by the fact that the rise of ageing temperature results in the increase of the
average precipitate radius, although the overall number of precipitates is reduced.

Figure 11 depicts the variation of Mg and Si concentration in the matrix. Mg and Si
concentrations in Mg2Si are constant, 63% and 37%, respectively. The conducted simula-
tions do not consider the iron intermetallic particles, which restrict the available Si, based
on Equation (10), as long as the presence of iron intermetallic phases reduces the available
Si for the Mg2Si precipitation.

 

Figure 11. Temporal evolution of Mg and Si content in the matrix phase.

A posteriori, Equation (10) is implemented, taken the composition of Mn kai Fe from
Table 1, so as to identify if the absence of iron particles resulted in an overestimation
of available Si, and consequently, an overestimation of precipitate fraction and radius.
Figure 12 presents the availability of Si for precipitation based on the restriction of Equation
(10). As anticipated, Mg and Si concentrations in the matrix decreased, as the volume
fraction of precipitates increased, with the most significant reduction estimated in the
200 ◦C ageing simulation, where the highest value of precipitates is recorded. The variation
of Mg concentration in the matrix phase is most significant in comparison to Si, as Mg has
higher concentration in Mg2Si phase, rather than Si. Based on Figure 12, it can be estimated
that the absence of iron phases in simulation microstructure does not lead to overestimation
of precipitate volume fraction as Si concentration has a surplus in the matrix.

cSi
e f f = cSi

o − 0.25
(

cFe
o + cMn

o

)
(10)

Figure 13 presents the microstructure simulation by the end of each ageing simulation.
It can be seen that there is a mutual distribution of precipitates, both on the bulk region
of the matrix phase grains, the interfaces, and the triple junctions. At the initial ageing
steps, particles precipitated primarily in the bulk region, while some precipitate free zones
were present in the microstructure. Around the triple junctions, some precipitation-free
zones have been noticed, as the formation of particles in the triple junctions depletes
the availability of Mg and Si for further precipitation. Figure 14 presents the interface
mobility, and Table 6 the diffusion coefficients of Mg and Si in matrix phase calculated by
ThermoCalC@. The interface mobility records its highest values for the lower temperature
of 180 ◦C, and its lower value for the highest ageing temperature of 200 ◦C. On the
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contrary, diffusion coefficients of Mg and Si in the matrix phase are increased for higher
ageing temperatures with the Si coefficient having a slightly higher value than its Mg
counterpart. As the ageing temperature is increased, the diffusion mechanism is getting
more important, while for lower ageing temperatures, the interface mechanism is of greater
importance. Diffusion coefficients in precipitates are considered equal to zero, as Mg2Si
are stoichiometric intermetallic compounds with standard chemical composition and
minimum solubility.

 

Figure 12. Evolution of available Si content in the matrix phase, based on Equation (10).

  
(a) (b) 

  
(c) (d) 

Figure 13. Spatial distribution of precipitates. The left column depicts the ternary system. Al-0.9Mg-0.6Si and the right
column the Al-1.0Mg-1.1Si. Cases (a,b) are for the 180 ◦C-8 h simulation, while cases (c,d) for the 200 ◦C-8 h simulation.
In the colour scale, number 1 depicts the matrix phase, number 2 depicts precipitates, while number 1 is attributed to
the interfaces.
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Figure 14. Temporal evolution of interface mobility.

Table 6. Diffusion coefficients of Mg and Si in the matrix phase.

Simulation
Mg Diffusion Coefficient

(cm2/s)
Si Diffusion Coefficient

(cm2/s)

180 ◦C (Al-0.9Mg-0.6Si) 2.40 × 10−15 3.77 × 10−15

180 ◦C (Al-1.0Mg-1.1Si) 2.35 × 10−15 3.66 × 10−15

200 ◦C (Al-0.9Mg-0.6Si) 9.08 × 10−15 1.42 × 10−14

200 ◦C (Al-1.0Mg-1.1Si) 9.14 × 10−15 1.37 × 10−14

Figure 15 depicts the virtual EDX analysis, provided by the MICRESS®software,
where the red curve represents the Si concentration and the black curve represents the
Mg concentration, in both matrix phase and precipitates. The virtual EDX analysis has
been considered for the horizontal line on the centre of the microstructure. The vertical
axis represents the % concentration of Mg and Si, while the horizontal axis represents
the position in the microstructure. For the lower ageing temperature, of 180 ◦C, a sparse
dispersion of both Mg and Si curves has been recorded, because of the low volume fraction
of precipitates. It is worth mentioning that the peak of Si curve is equal to 37% and the
peak of Mg curve is equal to 63%, both attributed to Mg2Si precipitates. For the 200 ◦C
simulations, intense distribution is recorded, due to the increase of precipitate fraction,
while some peaks have been noticed, lower than 63% and 37%. These peaks are attributed
to precipitate particles, which have not received their final chemical composition of Mg2Si.
Figures 16 and 17 depict the estimated values of yield strength and hardness, based on
Equations (4)–(9), for the final ageing conditions. For the 180 ◦C ageing, lower values of
yield strength and hardness are recorded, due to the relatively low volume fraction of
precipitates. More precisely, for the ternary Al-0.9Mg-0.6Si system, the values of yield
strength and hardness are equal to 139 MPa and 62 HV, respectively, while for the ternary
Al-1.0Mg-1.1Si, the corresponding values are 176 MPa and 74 HV. The increase of the
precipitate fraction results in the enhancement of yield strength and hardness for both
ternary systems. At 200 ◦C, yield strength is 223 (Al-0.9Mg-0.6Si) and 291 (Al-1.0Mg-
1.1Si) MPa, while hardness is 89 and 112 HV, respectively.
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Figure 15. Virtual EDX analysis for the ternary Al-0.9Mg-0.6Si system for: 180 (a) and 200 ◦C (b). The horizontal axis
depicts the position in the central line of the microstructure, while the vertical axis depicts the corresponding wt.%
composition in Mg (black curve) and Si (red curve). The white boxes represent the corresponding phase for each couple of
Mg-Si concentrations.

 

Figure 16. Yield strength estimation. Experimental data (AA6061-AA6063-AA6082) from [1,4,37].
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Figure 17. Hardness estimation. Experimental data (AA6061-AA6063-AA6082) from [4,9,37].

4. Discussion

The predicted kinetics of recrystallisation, by the phase-filed simulation, satisfactorily
approaches the experimental data of Poletti et al. [22] for the recrystallisation of AA6XXX
aluminium alloys, with the same level of previous deformation and similar impact of
secondary particles. The insignificant impact of secondary particles can be explained
by their relatively small volume fraction and the fact that only a small proportion of
these particles is nanoscopic, retarding the recrystallisation mechanism, while the larger
particles, in the range of some μm, enhance recrystallisation kinetics, through precipitation
stimulated nucleation (PSN).

Regarding the ageing simulation, the particularly high number of cells in the mi-
crostructure analysis proves the difficulty in accurately illustrating nanoscopic particles
as part of the overall microstructure. For the 180 ◦C ageing simulation, the 8h treatment
does not secure the maximum expected value of precipitate fraction. However, there is
a severe deviation, in literature, about the time required for the peak ageing conditions
in 180 ◦C. Although the majority of works report an ageing time between 6–10 h [33,38],
some reports refer to prolong ageing treatments [11], while ASTM [38] predicted 70 h of
treatment for lower ageing temperatures, 170–180 ◦C. On the other side, the 200 ◦C simula-
tion was in good agreement with the expected duration of the treatment. The variation
of ageing kinetics between the 180 ◦C and 200 ◦C simulations can be explained by the
increasement of diffusion rates of Mg and Si in 200 ◦C, which resulted in the increase of
growth rate for the precipitates. The maximum values of the precipitate fraction agree,
generally, with the ones expected by the literature. For the ternary Al-0.9Mg-0.6Si, which is
within the Mg and Si concentration range of AA6061 and AA6063 alloys, the precipitate
fraction lies on the range of 0.7 to 1.4% [1,4]. On the other side, the ternary Al-1.0Mg-1.1Si
system is attributed to the AA6082 aluminium alloy, where the precipitate fraction can
reach higher peaks, even nearby 1.4 to 1.9% [1,39]. The increased diffusion coefficients
of 200 ◦C explain the significant increase of the average precipitate radius, as depicted in
Figure 9. The gradual reduction of the overall number of precipitates is explained by the
Ostwald ripening mechanism. Precipitates, whose radius is close to interface width, are
unstable for the saturated matrix phase, where the elements tend to leave the lattice, so as
to create more stable particles.

It is worth noting that the predicted values of precipitate radius appear to have a
significant variation than those recorded for the Kampman–Wagner simulations, where the
average precipitate radius is about 3 to 10 nm [1,9].
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This deviation can be explained by the different approach toward the nucleation-
growth-coarsening/dissolution of precipitates, the different values of critical ageing param-
eters, like the interface energy and the molar volume of the matrix phase and precipitates,
the different approach toward the concentration gradient at the matrix phase-precipitates
interfaces, and the fact that the applied Phase-Field model inserts atomic and mobility
databases through CALPHAD modelling (ThermoCalC@). It is worth mentioning that
the final average radius of precipitates in the applied Phase-Field modelling is affected
by the competitive relationship between particles, created during different ageing time
steps [40–42]. The deviation of the average radius, between models, may result from the
difference in the estimated values of activation energy for Mg and Si diffusion rates, as
Bahrami [1] has shown that the reduction of the considered activation energy results in the
increment of mean radius, due to the rise of the diffusion rates. According to literature,
the average size of the metastable particles lies between 40–130 nm, depending on the
morphology of precipitates and ageing conditions (temperature and time). Therefore, the
simulated results are within the expected spectra [43,44].

The predicted values of hardness and yield strength for the 180 ◦C are far lower than
those anticipated for the peak-ageing condition (T6) and agree with the under-ageing
condition for the ternary Al-0.9Mg-0.6 and Al-1.0Mg-1.1Si system, while the 200 ◦C val-
ues approach the peak ageing condition. More precisely, the peak-ageing strength is
about 214 (AA6063)-250(AA6061) [1,2,4] MPa for the ternary Al-0.9Mg-0.6Si system and
300–310 (AA6082) MPa [37,41,45] for the ternary Al-1.0Mg-1.1Si system. The peak age-
ing value of hardness is equal to 73–94 HV [2,4,9] for the ternary Al-0.9Mg-0.6Si, and
100–110 HV [37,41] for the ternary Al-1.0Mg-1.1Si system. The root causes of the lower
values of hardness and strength in the 180 ◦C ageing treatment can be attributed to the
lower diffusion rates in the specific temperature resulting in lower chemical driving force
for the precipitation. It is worth noting that in the yield strength and hardness model, a
rather conservative value for the annealing-intrinsic yield strength (16 MPa) has been used
so as to primarily emphasize the importance of precipitation procedure for the enhance-
ment of the mechanical properties. The value of the intrinsic strength combined with the
absence of alloying elements contribution to the solid solution strengthening, beyond the
contribution of Mg and Si, may result in a slight underestimation of the peak ageing yield
strength and hardness.

Finally, the estimation for the uniform distribution of precipitates both in the bulk
region of matrix phase, the interfaces and the triple junctions agree with the theory of
heterogeneous nucleation and it is desired for the final microstructure, as the exclusive
precipitate in the interfaces would made them intensively brittle, while the presence of
Precipitate-Free-Zones (PFZ) [46] is connected with the lower corrosion resistance of the
aged alloy, the rise of the chemical heterogeneity and the intergranular cracking, due to the
variation of strength between the interior of the grains, which are enriched in particles, and
the depleted interfaces.

5. Conclusions

The simulation of Al-Mg-Si alloys heat treatment through MultiPhase-Field based
MICRESS@ software, led to the following conclusions:

1. The 400 ◦C/5 min annealing simulation accurately predicted the recrystallisation
kinetics proving a slight impact of secondary nanoparticles on the deceleration of
recrystallisation mechanism and the average radius of recrystallized grains. This
deceleration is explained by the lower values of the interface mobility.

2. The ageing simulation predicted the under-ageing condition for the 180 ◦C-8 h treat-
ment and the peak ageing condition for the 200 ◦C-8 h ageing simulations.

3. For lower ageing temperatures, the interface mobility has more significant impact on
the precipitation mechanism. On the contrary, the rise of temperature results in severe
increase of diffusion mechanism, causing the coarsening of precipitate particles, which
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nucleate and grow both on the interior of Al matrix phase grains and the interfaces
and triple junctions.
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Abstract: In this paper an exhaustive scientific work is performed, by means of metallographic
and scanning electron microscope (SEM) techniques, of the microstructural defects exhibited by
pearlitic steels and their evolution with the manufacturing process by cold drawing, analyzing
the consequences of such defects on the isotropic/anisotropic fracture behavior of the different steels.
Thus, the objective is the establishment of a relation between the microstructural damage and the
fracture behavior of the different steels. To this end, samples were taken from all the intermediate
stages of the real cold drawing process, from the initial hot rolled bar (not cold drawn at all) to the
heavily drawn final commercial product (prestressing steel wire). Results show the very relevant role
of non-metallic inclusions in the fracture behavior of cold drawn pearlitic steels.

Keywords: pearlitic steel; cold drawing; second-phase particles; non-metallic inclusions

1. Introduction

High-strength cold-drawn eutectoid steel wires are important components in struc-
tural engineering [1–6]. As a consequence of the manufacture process by cold draw-
ing, these materials show an anisotropic behavior with regard to plasticity (yielding),
fracture and hydrogen embrittlement [7–18] with the result of mixed-mode fracture propa-
gation and strength anisotropy.

The microstructural evolution with cold drawing has been extensively studied in the
past [19–27], showing progressive microstructural orientation (alignment in a direction
quasi-parallel to the wire axis or cold drawing direction) and increase of packing closeness
associated with a decrease of interlamellar spacing and an orientation of the plates in the
cold drawing direction [22–25].

A materials-science relationship between microstructure and strength is usually es-
tablished through the Hall-Petch equation [28–31] to correlate the pearlite interlamellar
spacing and the material strength. However, in oriented pearlitic microstructure (as a
consequence of manufacturing by cold drawing) the Hall–Petch equation does not perform
very well [32], so that an Embury–Fisher equation has been proposed [33] to describe the
role of microstructure in material performance.

The role of inclusions in steel performance has received considerable attention in the
scientific community, from studies about metallographic techniques [34] to research about
models of void growth around inclusions [35,36], models about the spatial distribution of
MnS inclusions and the voids provoked by them [37], or determining the volume fraction
of inclusions in steel [38], as well as research on the role of inclusions in fatigue behavior in
air [39,40] and hydrogen environment [41,42].

Recent references about inclusions in steel deal with modeling inclusion formation [43],
effect of sulfur content [44], the effect of different non-metallic inclusions on the machinabil-
ity of steels [45], quality control of steel wires [46], micromechanical modeling of fatigue
crack nucleation around non-metallic inclusions [47], MnS inclusions formation in resulfu-
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rised steel [48], influence of inclusions on the mechanical properties [49] or their effect on
deformation and fracture [50].

This paper focuses on the role of inclusions (analyzed by metallographic techniques) in
the mechanical performance (evaluated by means of standard tension tests) of cold drawn
pearlitic steel with different degree of cold drawing and distinct chemical composition.
The aim of the paper is to find a possible relationship (in the sense of materials science and
engineering) between the microstructural micro-damage in the pearlitic steel (created by
the presence of inclusions) and the fracture behavior of cold drawn pearlitic steels during
tensile testing.

2. Materials

The samples used in the mechanical tests were eutectoid steel wires with different level
of cold drawing (i.e., distinct degrees of accumulated plastic strain), from the initial hot
rolled bar (not cold drawn at all) to the final commercial product (prestressing steel wire;
heavily cold drawn), all of them corresponding to real manufacturing chains, as shown in
Figures 1 and 2 that include different views of the process.

  
Figure 1. Manufacture of prestressing steel wires by progressive cold drawing of a previously hot-rolled pearlitic steel bar:
two views of a real manufacturing chain by progressive (multi-step) cold drawing.

Figure 2. Schematic presentation of the cold drawing process with multiple passes through the dies.

Table 1 shows the chemical composition (wt.%) of the different steels (valid for any
drawing degree). The materials used were cold drawn pearlitic steels corresponding to
five real manufacturing processes. The five types (or families) of steels were used, with the
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names A, B, C, D and E, each of them with a specific chemical composition and manu-
facturing route (straining path). Steel of the type A undergoes six drawing steps (as shown
in Figure 2 passing through six dies), whereas the others (B, C, D, E) have undergone
seven drawing steps. A letter followed by a number will be used throughout this paper to
indicate the steel family (the letter) and the degree of cold drawing or number of drawing
steps undergone by each steel wire in particular.

Table 1. Chemical composition (wt.%) for the five families of the steels (the balance is Fe).

Steel Family A Family B Family C Family D Family E

% C 0.80 0.789 0.79 0.795 0.789
% Mn 0.69 0.698 0.670 0.624 0.681
% Si 0.23 0.226 0.20 0.224 0.21
% P 0.012 0.011 0.009 0.011 0.010
% S 0.009 0.005 0.009 0.008 0.008

% Al 0.004 0.003 0.003 0.003 0.003
% Cr 0.265 0.271 0.187 0.164 0.218
% V 0.06 0.078 0.053 0.064 0.061

Table 2 summarizes each one of the five cold drawing procedures (straining paths or
yielding histories) in terms of the wire diameter at the end of each drawing step. Table 3
offers the cumulative plastic strain εP

cum as the variable representing the drawing degree,
and it’s defined as follows [4]:

εP
cum = 2 ln

φ0

φi
(1)

where φ0 is the hot rolled bar diameter and φi is the diameter of a wire undergoing i
dra-wing steps.

Table 2. Diameter of the wires at the end of each drawing step for the five families.

Wire Diameter (mm)

Drawing Step Family A Family B Family C Family D Family E

0 12.11 12.10 10.44 8.56 11.03
1 10.80 11.23 9.52 7.78 9.90
2 9.81 10.45 8.49 6.82 8.95
3 8.94 9.68 7.68 6.17 8.21
4 8.22 9.02 6.95 5.61 7.49
5 7.56 8.54 6.36 5.08 6.80
6 6.98 8.18 5.86 4.63 6.26
7 - 7.00 5.03 3.97 5.04

Table 3. Cumulative plastic strain of the progressively drawn steels for the five families [4].

εP
cum

Drawing Step Family A Family B Family C Family D Family E

0 0 0 0 0 0
1 0.229 0.149 0.184 0.191 0.216
2 0.421 0.293 0.414 0.454 0.418
3 0.607 0.446 0.614 0.655 0.591
4 0.775 0.588 0.814 0.845 0.774
5 0.942 0.697 0.991 1.044 0.967
6 1.102 0.800 1.155 1.229 1.133
7 - 1.095 1.460 1.537 1.566

71



Metals 2021, 11, 962

The mechanical response of the cold drawn pearlitic steel wires is associated with a
progressive increase with cold drawing of the yield strength (σY) and of the ultimate tensile
strength (σR), as shown in Figures 3 and 4.

σ

ε

Figure 3. Evolution with cold drawing of the yield strength σY.

σ

ε

Figure 4. Evolution with cold drawing of the ultimate tensile strength σR.

Figure 5 plots the stress–strain curves for the progressively cold-drawn pearlitic
steels from A0 (hot rolled steel, not cold drawn at all, 0 drawing steps) to the commercial
prestressing steel wire A6 (heavily cold drawn pearlitic steel that has undergone 6 drawing
steps). It is seen that both the yield strength σY and the ultimate tensile strength (UTS σR)
increase with the drawing degree [1–6].
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σ 

ε
Figure 5. Stress–strain curves of the progressively drawn pearlitic steels A0 to A6 (steel family A:
from 0 to 6 cold-drawing steps).

3. Metallographic Analysis

3.1. Sample Preparation

In order to proceed with the metallographic analysis of the different steels, representa-
tive samples were extracted from the wires by means of transverse cuts to prepare small
cylinders of 10 mm height and the exact diameter of each steel wire in particular. After this,
the cylinders underwent a cut in longitudinal direction (axial cut), so that the micrographs
of the present paper will always be oriented with their vertical side following the cold
drawing direction (wire axis).

The samples were mounted in resin for grinding and polishing up to mirror quality.
Finally, they were chemically attacked to reveal the microstructure of the materials (progres-
sively cold drawn pearlitic steel wires) and to observe it by scanning electron microscopy
(SEM) using a JEOL JSM-5610 LV (Jeol Ltd., Tokyo, Japan). Etching was produced by using
a solution of 4% Nital in chemical ethanol for five seconds.

3.2. Metallographic Observation

The chemical attack (etching) on the polished samples of pearlitic microstructure
produces different chemical reactions in the ferrite (softer) phase and in the cementite
(harder) phase forming the pearlite. Whereas the former is chemically attacked by the
Nital, the latter remains unaffected by it, so that it is possible to distinguish both phases of
the pearlitic microstructure of the steels by means a scanning electron microscope (SEM)
analysis: cementite lamellae exhibit a clear appearance whereas ferrite lamellae show a
darker aspect. The inclusions were observed by using energy-dispersive X-ray spectroscopy
(EDX, Oxford Instruments, mod. 6587, High Wycombe, England) assembled to the SEM.

Generally speaking (details will be analyzed in the discussion section of the present
paper), second-phase particles (inclusions) appear in all the studied pearlitic steels (five
families or groups), exhibiting different peculiarities depending on the particular chemical
composition of each family, cf. Table 1. Different types of inclusion were found, namely:
(i) manganese sulfur (MnS) inclusions with dark (non-brilliant) appearance and irregular
shape; (ii) silica (SiO2) and aluminum oxides (Al2O3) with clear brilliant appearance and
more regular shape. Two of these types of inclusions (MnS and Al2O3) are showed in
Figure 6.
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Figure 6. Second-phase particles in a hot rolled pearlitic steel.

Apart from the inclusions discussed above (those appearing more frequently), other types
of inclusions were found (although more scarcely) used mainly to create new phases during
the steel manufacturing. They were the following: (i) titanium oxides (probably in the form
Ti2O3), (ii) manganese silicates (possibly of the type 2MnO.SiO2, MnSiO3), alumina silicates
(SiO2/AlO3), (iii) titanium nitride (TiN) and (iv) vanadium nitride (VN). The main chemical
elements appearing in an inclusion can be observed in the EDX spectrum given in Figure 7.

 

Figure 7. EDX spectrum of an inclusion containing several chemical elements.

The presence (in small amounts) of varying chemical elements (Ti, N and Ca), as well
as other elements that did not appear in the metallographic analysis is not surprising.
Titanium (Ti) is usually added to the steels during manufacturing, thereby producing Ti2O3
in form of small inclusions to enhance the formation of intergranular ferrite during the
austenite-perlite transformation [51].

Nitrogen (N) is added to the steels to promote the formation of new phases from the
austenite, thereby creating tiny particles of TiN. With regard to calcium (Ca), it is frequently
added to the steel in certain amount (as SiCa powder) to diminish the level of sulfur (S) and,
therefore, to diminish the volume fraction of sulfur and alumina inclusions in the steel [52].

4. Evolution of Inclusions with Cold Drawing

In the five families of steel (A, B, C, D and E) there is a common general trend in the
matter of evolution with cold drawing of the inclusions. To analyze this, the existing inclu-
sions in cold drawn pearlitic steels can be classified in two groups: (i) sulphides (MnS) able
to undergo certain plastic strain and thus become deformed in the direction of cold draw-
ing; (ii) inclusions consisting of oxides and silicates (of Al, Si, Fe, . . . ), comparatively harder
and more brittle, so that they can be fractured as the drawing degree (level of cumulative
plastic strain) increases when the wire passes through the consecutive dies.

Figures 8–12 show several longitudinal metallographic sections of some wires studied
in this work. The wire axis, or cold drawing direction, is represented by the vertical side
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of the micrographs in such figures. Figure 8 shows longitudinal metallographic sections
of two hot rolled steels (E0 and A0) with zero cold drawing degree (i.e., that are not cold
drawn at all). It is observed how the inclusions are perfectly adhered to the pearlitic
metallic matrix surrounding them, although one was fractured during manufacturing by
hot rolling.

  
(a) (b) 

Figure 8. Inclusions in the longitudinal section of hot rolled pearlitic steels E0 and A0 (zero degree of cold drawing) showing
oxides (a) and sulfurs (b).

  
(a) (b) 

Figure 9. Inclusions in slightly drawn pearlitic steels C2 (with two drawing steps) and A4 (with four drawing steps).
Principally MnS (a); complex oxide, mainly Al2O3 (b).

  
(a) (b) 

Figure 10. Inclusions in moderately drawn steel E5 (five drawing steps) at 1000× (a) and 500× (b).
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Figure 11. Axial micro-cracks generated by the presence of inclusions in heavily drawn pearlitic
steels (commercial prestressing steel wires) (2500×).

 

Figure 12. Axial micro-cracks generated in a heavily cold drawn pearlitic steel (commercial prestress-
ing steel wire) created during the manufacturing process by cold drawing.

During manufacturing of commercial prestressing steel wires by progressive (multi-
step) cold drawing, a strain hardening mechanism is activated in the pearlitic steels.
During this process, the inclusions (second-phase particles) also evolve.

Figure 9 shows the microstructure of slightly cold drawn pearlitic steels C2 and A4
undergoing two and four cold drawing steps. It is observed how the inclusions present in
the steels become fractured after passing through two and four dies (due to the transverse
peripherical compression), thereby producing cracks at the interface between the inclusion
and the matrix as a consequence of the plastic deformation undergone by the pearlitic
matrix itself.

With regard to the differences between the five different families of the pearlitic steels
under analysis, the steels of the group E are those containing greater and more numerous
inclusions inside it. This provokes a higher density of microstructural defects (micro-
defects) generated by the combined effect of heavy cold drawing and presence of many
inclusions in the steel.

Figure 10 offers micrographs (axial or longitudinal cuts) of the microstructure of steel
E5 (family E; five cold drawing steps) with two magnification levels of 1000× and 500×,
where the frequent appearance of micro-defects (micro-cracks) generated by the presence
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of the inclusions can be observed. Such defects are potential initiators of macroscopic
fracture of the cold drawn pearlitic steels, with loss of structural integrity.

In the matter of the most heavily cold drawn steel (commercial prestressing steel
wire), obtained after passing of the initially hot rolled materials through the entire route
of strain hardening (with the maximum number of cold drawing steps), micrographs of
Figure 11 show evidence of micro-cracks aligned in the drawing direction (wire axis or
longitudinal direction) since they are more slender than in the previous pearlitic steels
(with a lower cold drawing degree). In Figure 11 the microstructure of steel families A,
D and E is represented, observing that the inclusions are very fractured (they exhibit a lot
of micro-damage) in their surrounding as a consequence of the high level of plastic strain
undergone by the most heavily cold drawn pearlitic steels.

Figure 12 includes two parallel micro-cracks generated in the vicinity of inclusions
appearing in a commercial prestressing steel wire E7 after heavy cold drawing. The in-
clusions exhibit evidence of previous fracturing during the manufacture process, and the
micro-cracks appear in the close vicinity of the existing inclusions.

5. Role of Inclusions in the Fracture Behavior

From the results obtained in the metallographic analysis of the longitudinal sections
of cold drawn pearlitic steels, a key question arises about the influence of inclusions on
material (macro-) fracture behavior. To elucidate the relevant and fundamental question of
whether (or not) the inclusions play a relevant role in fracture behavior of the steels, standard
tension tests were performed on the different steel wires with a posterior (postmortem)
fractographic analysis to elucidate the microscopic fracture modes.

In the case of hot rolled (not cold drawn at all) or slightly drawn pearlitic steels
(corresponding to the first stages of the manufacturing chain with few passes through
the dies) the fracture surface is contained in a plane perpendicular to the wire axis or
cold drawing direction and exhibits a low-roughness appearance (Figure 13; left), i.e.,
it corresponds to an isotropic fracture behavior.

  
B0 B7 

Figure 13. Fracture surfaces in a hot rolled bar (left) and a cold drawn wire (right).

On the other hand, in the case of heavily drawn pearlitic steels (associated with the last
stages of the manufacturing chain with many passes through the dies) the fracture surface
is not contained in a plane perpendicular to the wire axis or cold drawing direction and
exhibits a high-roughness and irregular appearance (Figure 13; right), i.e., it corresponds
to an anisotropic fracture behavior with frequent local deflections representing embryos of
anisotropic fracture.

To understand such a disparity regarding fracture surface appearance, some mi-
crostructural features must be taken into account: (i) firstly, the oriented pearlitic mi-
crostructure after cold drawing in the matter of colonies and lamellae [22–25], (ii) secondly,
the presence in the drawn steel of many zones with pre-damage (after heavy drawing)
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and even with micro-cracks aligned in the drawing direction and created in the vicinity of
inclusions by debonding between the inclusion and the metallic matrix (as a consequence
of the stress concentration created by the inclusion itself), as shown in Figure 14 in which
many local regions with micro-cracks (aligned and oriented along the direction of cold
drawing represented by the wire axis) may be observed.

 

Figure 14. Multiple micro-cracks aligned in longitudinal direction (axial or cold-drawing direction,
i.e., vertical side of the micrograph) in a cold drawn pearlitic steel.

During the standard tension tests performed on the wires, two main stages can
be distinguished:

(i) One first long phase (before plastic instability) during which material points are sub-
jected to a uniform uniaxial stress state. This main stage lasts up to the maximum load
point. During this phase the micro-cracks do not promote fracture since the main axial
stress (in the direction of the wire) is parallel to the micro-cracks themselves.

(ii) One second shorter phase (after plastic instability) during which material points are
subjected to a triaxial stress state. This second stage starts from the maximum load
point. During this phase the micro-cracks do promote fracture since triaxial stress
state has a hoop component that is perpendicular to the micro-cracks themselves.

An approximate classical solution for the triaxial stress state in a cylinder (bar or wire)
after necking is due to Davidenkov and Spiridonova [53] as follows:

σr

σY
=

a2 − r2

2aR
;

σz

σY
= 1 +

a2 − r2

2aR
(2)

where σY is the yield strength of the material, σz is the axial stress along the wire axis, σr is
the radial stress (equal to the hoop stress σθ, due to the very small elastic strains in the
neck compared with the plastic deformations, and due to the constant volume hypothesis
which involves εz = −2εr), R is the curvature radius of the necking surface (similar to a
blunt notch), a is the distance from the notch tip to the wire axis and r is the radial distance
between the wire axis and the considered point (see Figure 15).

The curvature radius of the necking surface R was measure by means of a profile
projector (NIKON V-12B, Tokyo, Japan). The average values obtained were 26.25 and
3.16 mm for the hot rolled steel E0 and the prestressing steel E7, respectively. With these va-
lues, and taking into account the Davidenkov and Spiridonova equations (2), it’s possible
to obtain the stress distribution (σz, σθ and σr; being σθ = σr) along the wires net section in
the previous instants to final fracture occurs. Such stress distribution is showed in Figure 16
for the case of the steels E0 and E7. The stress distribution is equal in both steels and
for all considered variables, being maximum in the center (longitudinal wire axis, r = 0)
and minimum in the periphery of the wires (deepest point in necking external surface,
where r = a). The values are greater for the case of prestressing steel wires.
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Figure 15. Scheme of the wire’s necking during a tensile test.

σ z σ θ 

Figure 16. Stress distribution of σz (left) and σθ (right) along the transversal necking surface in steel E0 and E7.

Once the distribution of stresses along the minimum neck section is known, and con-
sidering that the shear stresses are null by symmetry, it is possible to obtain the stress
triaxiality distribution along the radius r of the neck section. The stress triaxiality t (3) is
the ratio between the hydrostatic stress σh (4) and the equivalent von Mises stress σeq (5).

t =
σh
σeq

(3)

σh =
1
3
(σz + σθ + σr) (4)

σeq =

√
1
2

[
(σz − σθ)

2 + (σz − σr)
2 + (σθ − σr)

2
]

(5)

Figure 17 (left) shows that the values of hydrostatic and equivalent stresses are higher
for the case of prestressing steel (E7) in relation to the initial hot rolled bar (E0). The σh
distribution shows a continuous decrement from the longitudinal wire axis (r = 0) till it
reaches the external surface (r = a); that being said, the decrement is more pronounced in
the prestressing steel E7. The equivalent von Mises stress σeq is constant along the radial
coordinate for both steels.
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Figure 17. Distribution of hydrostatic stress (left), equivalent stress (left) and stress triaxiality (right) for the hot rolled steel
E0 and the prestressing steel E7 along the necking section.

Figure 17 (right) shows the triaxiality factor distribution along the radial coordinate of
the wire necking. The prestressing steel shows a higher level of triaxiality with respect to
the hot rolled steel. In both steels the triaxiality factor is maximum in the longitudinal wire
axis (r = 0) and minimum in the external surface of the neck.

Heavily cold drawn steels (Figure 18) exhibit locally anisotropic fracture behavior due to
the presence of multiple micro-cracks oriented and aligned along the drawing direction
(created by debonding between the inclusions and the pearlitic matrix) and the triaxial
stress state (with radial and hoop components) generated after necking. Both factors are
relevant to create an anisotropic fracture in heavily cold drawn pearlitic steels in which
there is a coexistence of:

(i) Elevated values of σY, σR and σθ (see Figures 3, 4 and 16).
(ii) High level of stress triaxiality (with σz > σθ), as indicated in Figure 17.
(iii) Many micro-cracks created from the inclusions, aligned and oriented along the draw-

ing axis (Figure 14). The hoop stress σθ during plastic instability (necking) before final
fracture induces locally anisotropic fracture with crack deflections and appearance of
crests and valleys.

  

Figure 18. Anisotropic fracture behavior in a cold drawn pearlitic steel (E7).

Hot rolled (not cold drawn at all) and slightly drawn pearlitic steels (Figure 19) exhibit an
isotropic fracture behavior due to the absence of the afore-said micro-cracks. In this case the
stress state is defined by:

(i) Moderated values of σY, σR and σθ (see Figures 3, 4 and 16).
(ii) Lower level of stress triaxiality (with σz > σθ), as showed in Figure 17.
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(iii) Scarcity (or practical absence) of pre-damage and micro-cracks. Therefore, the triaxial
stress state generated during necking is unable to produce local deflections and thus
locally anisotropic fracture.

  

Figure 19. Isotropic fracture behavior in a hot rolled pearlitic steel (E0).

6. Conclusions

The anisotropic fracture behavior of cold drawn pearlitic steel wires subjected to
standard tension tests can be explained on the basis of the triaxial stress state generated
during necking, together with the presence of many aligned and oriented micro-cracks
generated during the cold drawing process.

Such micro-cracks appear in the vicinity of second-phase particles (inclusions) in the
course of manufacturing of prestressing steel wires by progressive cold drawing after
debonding between the inclusion and the pearlitic matrix due to the differences with
regard to plastic behavior between the matrix and the inclusion itself.
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Abstract: Optimum mechanical behavior is achieved by means of controlling microstructural
anisotropy. The latter is directly related to the crystallographic texture and is considerably af-
fected by thermal and mechanical processes. Therefore, understanding the underlying mechanisms
relating to its evolution during thermomechanical processing is of major importance. Towards that
direction, an attempt to identify possible correlations among significant microstructural parameters
relating to texture response during deformation was made. For this purpose, a 3104 aluminum alloy
sheet sample (0.5 mm) was examined in the following states: (a) cold rolled (with 90% reduction),
(b) recovered and (c) fully recrystallized. Texture, anisotropy as well as the mechanical properties of
the samples from each condition were examined. Afterwards, samples were subjected to uniaxial
loading (tensile testing) while the most deformed yet representative areas near the fractured surfaces
were selected for further texture analysis. Electron backscatter diffraction (EBSD) scans and respective
measurements were conducted in all three tensile test directions (0◦, 45◦ and 90◦ towards rolling
direction (RD)) by means of which the evolution of the texture components, their correlation with
the three selected directions as well as the resulting anisotropy were highlighted. In the case of
the cold-rolled and the recovered sample, the total count of S2 and S3 components did not change
prior to and after tensile testing at 0◦ towards RD; however, the S2 and S3 sum mostly consisted of
S3 components after tensile testing whereas it mostly consisted of S2 components prior to tensile
testing. In addition, the aforementioned state was accompanied by a strong brass component. The
preservation of an increased amount of S components, and the presence of strain-free elongated
grains along with the coexistence of a complex and resistant-to-crack-propagation substructure
consisting of both high-angle grain boundaries (HAGBs) and subgrain boundaries (SGBs) led into an
optimal combination of Δr and rm parameters.

Keywords: 3104 alloy; crystallographic texture; cold rolling; tensile testing

1. Introduction

Beverage cans and food packaging are manufactured by use of 3xxx alloy series
such as 3004 and 3104 due to their high strength and formability [1]. After many years
of research and optimization of the relevant thermomechanical processes, the industry
heavily relies on the use of those alloys [2]. Although these alloy series cover current
market demands, the existence of failures along with a relatively high percentage of
rejected material, are frequently observed during the forming processes in which those
products are subjected [2,3]. This phenomenon is attributed to sheet anisotropy provoking
the formation of “ears” of varying extent and orientation. Earing is a dominant defect
induced during the deep drawing process and defined as the creation of waviness on
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the uppermost portion of the resulting cup. Rolling texture components favor earing
principally at 45◦/135◦ with respect to the RD [4,5]. With regards to earing, a low ear
ratio can be achieved through an optimal combination of crystals with an orientation that
results in both 45◦/135◦ and 0◦/90◦ ears [6–9]. The crystallographic components which are
formed during recrystallization depend on the stacking fault energy (SFE), the previous
deformation state, the annealing temperature as well as the precipitation state. Metals
with high SFE (like Al) mainly exhibit a deformation substructure consisting of dislocation
tangles and cells instead of banded, linear arrays of dislocations [10]. The anisotropy is,
essentially, a result of the texture obtained throughout the thermomechanical processes.,
A thorough understanding of the microstructural evolution, may result into the effective
control of the resulting texture after each thermomechanical process. This essentially
relates to the response to deformation with the aim of minimizing rejections, increasing
the product’s life cycle, and, consequently, improving the Al industry’s economic and
environmental footprint.

Moreover, study of the texture components which are present at the most susceptible
to fracture areas can provide fruitful information in relation to the underlying failure
mechanisms. Grain orientation may strongly affect the deformed microstructures as metals,
in general, are plastically deformed due to crystal lattice shifts in planes where more space
is available. Furthermore, areas within a grain can be separated from each other due to the
glide of dislocations, thus, plastic distortions are imported in the crystal lattice [11]. Various
studies [12–15] have highlighted a strong correlation between the texture of aluminum
alloys, e.g., β-fiber percentage, and their mechanical properties, formability as well as
strain rate sensitivity. In particular, the presence of a cube texture tends to worsen the
mechanical properties of the material, whereas mixed textures may improve them [16].

The present article aims to underline the effect of uniaxial tensile loading on texture
for several thermomechanical states of a 3104 Al cold-rolled sheet (deformed, recovered,
and recrystallized). In addition, the response of the microstructural characteristics such as
the misorientation grain boundaries is studied to examine whether a correlation among
the abovementioned characteristics and anisotropy exists. The effect of different initial
microstructures, and, in particular the strong effect of the uniaxial loading is also addressed.
Study of the behavior of the different texture components and subsequent substructures un-
der uniaxial loading through the proposed experimental approach is critical and innovative
since it could lead an enhanced understanding of the texture evolution. This information
could then be used for the induction of the desirable amount of texture components to be
able to produce Al sheet with optimum response towards drawing. Towards that direction
the texture near the “neck” area of all tested tensile specimens was examined. The obtained
results were reviewed and discussed regarding the microstructural characteristics such
as the misorientation grain boundaries and r-values. The correlation among the texture
evolution and the resulting anisotropy is crucial since studies which combine texture and
plastic deformation are of great practical relevance.

2. Materials and Methods

The AA 3104 alloy sheet samples (Table 1) that were examined were produced through
direct chill (DC) casting and originated from a 600 mm thickness plate. Additionally, the
sheet samples were subjected to hot and cold rolling as well as to thermal treatments.at
As such, the final samples that were extracted were representative of both the recovered
and the fully recrystallized states. Regarding sample designation, a four-letter system was
used for the nomenclature as follows: The two first letters indicate the sheet sample state
where c.r. stands for cold rolled, rc. stands for recovered, rx. for recrystallization, AR
for as-received state, RD for samples subjected to tensile parallel to the rolling direction
(RD), 45 for 45◦ towards RD, TR for transverse to RD. Various annealing temperatures
were applied through the range of 200 ◦C to 340 ◦C with a 10 h ramp and a 2 h soaking
time similar to common industrial practice. Through this process indicative samples
were selected for the two aforementioned states. It is noted that sample selection was
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based on the use of grain orientation spread (GOS) maps, through which the states under
examination were detected.

Table 1. Samples description.

State Condition Sample ID

Cold rolling 90% reduction (deformed)

As received state c.r.AR

After tensile testing of //RD sample c.r.RD

After tensile testing of 45o towards RD sample c.r.45

After tensile testing of ⊥RD sample c.r.TR

Recovery annealing (recovered)

As received state rc.AR

After tensile testing of //RD sample rc.RD

After tensile testing of 45o towards RD sample rc.45

After tensile testing of ⊥RD sample rc.TR

Recrystallization annealing (fully recrystallized)

As received state rx.AR

After tensile testing of //RD sample rx.RD

After tensile testing of 45o towards RD sample rx.45

After tensile testing of ⊥RD sample rx.TR

2.1. Tensile Testing

The materials were subjected to uniaxial tensile strength, as per the requirements of the
ISO 6892-1 testing standard. In particular, the Rp (yield strength—YS), Rm (ultimate tensile
strength—UTS) and Ag (elongation) parameters were measured. The tensile strength
specimens were cut, in orientations of 0◦, 45◦ and 90◦ relevant to the RD. The planar
anisotropy parameter Δr (1) and the normal anisotropy parameter rm or r-bar (2) were
measured according to [17]:

Δr =
r0 + r90 − 2r45

2
(1)

rm =
r0 + r90 + 2r45

4
(2)

where r0, r45, and r90 are the r-values in orientations of 0◦, 45◦ and 90◦ relevant to the RDn,
respectively.

2.2. Hardness and Conductivity Measurements

The Vickers method was used for hardness testing. A load of 0.2 kgf was selected
for hardness measurements whereas for the electrical conductivity measurements, a fre-
quency of 240 kHz was used. The mean values presented originate from the average of
10 measurements.

2.3. Optical Microscopy

Samples were sectioned parallel to the RD and were cold mounted to avoid any non-
desirable annealing effects. Metallographic preparation was conducted through successive
grinding and polishing steps, whereas the grain structure was revealed through the use
of Barker’s electrolytic etching according to references [3,18]. Examination of the grain
structure was performed with polarized light and by use of a Nikon Epiphot 300 inverted
metallographic microscope (Nikon, Minato City, Tokyo, Japan). Optical metallographic
examination was conducted at a magnification range of 500×–1000× after Barkers etching.
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2.4. Metallographic Examination—Texture

Microscopic analysis was performed using a JEOL IT-800 HL Scanning Electron Mi-
croscope (SEM, JEOL Ltd., Akishima, Tokyo, Japan) under a 20 kV accelerating voltage,
coupled with an EDAX Apollo XF, equivalent to octane super EDS, silicon drift detector
(SDD, EDAX, Mahwah, NJ, USA) in conjunction with TEAM (EDAX, Mahwah, NJ, USA)
and SMILE VIEW™ Map software (JEOL Ltd., Akishima, Tokyo, Japancity, and Digital
Surf, Besançon, France). EBSD analysis was carried out using an EDAX Hikari XP EBSD,
high-speed camera (EDAX camera, EDEN Instruments SAS, Valence Cedex, France). When
a polycrystalline metallic material, is subjected to thermomechanical processing, a dom-
inant orientation, namely texture is observed. The texture could be formed through the
deformation, annealing, or as a result of both processes. Texture can be categorized into
several components, represented by {hkl}<uvw>. The latter are further divided into two
groups, consisting of deformation and annealing texture components.

Calculation of the various texture components, resulting from the applied manufac-
turing process, was performed according to [19]:

- Rolling components: Copper {112}<111>, S2{213}<-1-42>, S3 (or S) {123}<634>, Tay-
lor{4411}<11118>, Brass {011}<211>

- Recrystallization components: Cube {001}<100>, P{011}<111>, Q{013}<2-31>, R{124}<211>,
Goss{011}<100>

EBSD scans were collected through a hexagonal grid. For the EBSD analysis, samples
were examined in the as polished condition with a tilt of 70◦ relative to the electron
beam. Voltage was set at 20 kV, while the step size was set at 0.1 μm to 1 μm depending
on the material condition and the magnification used (100×–2000×) (examined areas
30 × 30 μm2–150 × 150 μm2). Regarding the tensile samples, the areas near the “neck”
were further investigated metallographically after the tests. To characterize the fractured
samples, EBSD scans at low magnification were also performed. Through this examination,
the area exhibiting the higher kernel average misorientation (KAM) values and the higher
amount of subgrain boundaries was selected for further analysis at higher magnification.
The black points observed in the inverse pole figure (IPF) maps are points with of low
confidence index and were therefore excluded from the measurements. Scanning data
were then further analyzed by means of a post-processing software package (OIM) for the
various texture components to be identified and calculated. The misorientation angles were
determined according to 2◦–5◦ (subgrain angle boundaries), 5◦–15◦ (low-angle boundaries)
and 15◦–62.8◦ (HAGBs). It is noted that misorientation angles less than 0.5◦ corresponding
to dense dislocation, are not considered reliable for evaluation purposes due to the angular
resolution of the EBSD [20]. Finally, post-processing was conducted to clean up the data
(grain dilation).

3. Results

3.1. Mechanical Behavior (Tensile Testing, Anisotropy)

The lower Δr (−0.20) and highest rm values (1.44) were recorded in the case of the rc.
AR sample (rc.RD, rc.45 and rc.TR). In Figure 1 the effect of thermal treatment to ultimate
tensile strength (UTS) is presented. As expected, the specimens that were tempered in a
higher temperature appear to have inferior strength, due to their recrystallized microstruc-
ture. Likewise, these samples, are more ductile than the c.r.AR sample which exhibited
elongation values lower than 5%. An increase of the electrical conductivity (EC) was
evident and could be attributed to the precipitation of dispersoids.
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Figure 1. Tensile strength of the samples depending on their relative angle to RD.

The planar anisotropy parameter (Δr) is an indicator of the ability of a material to
demonstrate a “non-earing” behavior (lower values are preferable) while rm, is an excellent
indicator of the ability of a material to be subjected to deep drawing (higher is better),
(Table 2). The maximum load before fracture was recorded first samples transverse to the
RD direction (c.r.TR and rc.TR). After recrystallization, the maximum load values were
recorded in the parallel to RD direction (1102 N). A similar behavior was observed for Rm
while the Rp0.2 values at 90◦ relative to RD, were the highest among all measurements
(Table 2, Figures 1 and 2). Elongation did not exhibit any noteworthy correlation with the
direction examined; however, it was observed that after each thermal treatment (recovery
and recrystallization annealing) the ductility almost doubled from ≈4% to ≈7% and,
eventually, increased to 18%. An inversely proportional correlation was observed in
hardness and conductivity measurements, however (Figure 3).

Table 2. Mechanical properties of the examined samples.

Sample ID Max Load (N) Rp0.2 (Mpa) Rm (Mpa) Ag (%) Δr rm
Conductivity

(IACS%)
Hardness

HV0.2

c.r.RD 1932.5 ± 2.1 300 ± 5.7 325 ± 0.0 4 ± 1.4

0.05 0.88 38.3 107c.r.45 1932.5 ± 2.1 288 ± 15.6 324.5 ±0.7 3 ± 0.0

c.r.TR 2034 ± 1.4 302 ± 2.8 342 ± 0.0 4 ± 1.4

rc.RD 1469 ± 1.4 209.5 ± 3.5 247 ± 0.0 7.5 ± 0.7

−0.20 1.44 38.9 83rc.45 1443.5 ± 4.9 221.5 ± 2.1 242.5 ± 0.7 7.5 ± 0.7

rc.TR 1541 ± 5.7 233.5 ± 2.1 259 ± 1.4 5.5 ± 0.7

rx.RD 1102 ± 1.4 70.5 ± 9.2 185 ± 0.0 17.5 ± 07

−0.14 1.05 39.8 51rx.45 1077 ± 2.8 70 ± 7.1 181 ± 0.0 18 ± 1.4

rx.TR 1076.5 ± 6.0 75 ± 1.4 181 ± 3.5 18.5 ± 0.0

The recovered sample exhibited an isotropic behavior with a maximum deviation
of the mechanical properties for each sample close to 10% (Figure 4). With regards to
orientations 0◦, 45◦ and 90◦, it is noted that the most pronounced shift of mechanical
properties during recrystallization occurred in the 90◦ orientation (YS: from 234 MPa to
75 MPa and UTS: from 259 MPa to 181 MPa) and therefore can be characterized as a more
sensitive direction, with a UTS reduction of the order of 76 MPa. In the 0◦ direction (YS:
from 210 MPa to 76 MPa and UTS: from 247 MPa to 188 MPa) a decrease of UTS by 60 MPa
is noted, whereas in the 45◦ direction (YS: from 222 MPa to 75 MPa and UTS: from 243 MPa
at 185 MPa) a decrease in UTS of 58 MPa is recorded. Bases on the aforementioned results,
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it is noted that as the angle increases from 0◦ to 45◦ stress decreases whereas in 90◦ it
increases again to reach its maximum value.

Figure 2. Yield strength of the samples depending on their relative angle to RD.

Figure 3. Conductivity vs. Hardness diagram of the three states examined (cold-rolled, recovered, and recrystallized).

Figure 4. Maximum deviation of the mechanical properties for each sample.
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Regarding the planar anisotropy parameters, it is noted that the predominant defor-
mation texture in the case of the rc.AR sample is equal to 1.5 which is the highest among
the examined annealing temperatures (Figure 5). It is also mentioned that in the case of
rc.AR sample, the calculated Δr is equal to −0.2. As such a weaker “earing” phenomenon
is expected.

Figure 5. (a) Plastic strain ratio (r value) of examined sheet samples, (b) in-plane anisotropy in a yield strength, Rp0.2.

The cold-rolled sample exhibited the maximum recorded Rp0.2, Rm, and hardness
values compared to the other samples. After the recovery annealing process, all measured
parameters decreased except for elongation which almost doubled compared to the previ-
ous state. At the fully recrystallized state, the sheet sample exhibited the lowest measured
Rp0.2 and Rm values as well as the maximum elongation. The measured r-values led to
the conclusion that the optimal combination of the resulting properties along with a low
possibility of failure during drawing was exhibited by the recovered sample exhibiting
Δr = 0.20 and rm = 1.44. The hardness value decreased during annealing due to the un-
derlying strain relief. At the same time, electrical conductivity exhibited a slight increase
indicating a “cleaner” matrix.

3.2. Microstructural Analysis and Fractography

Microstructural evolution of the c.r.AR sample is presented in Figure 6a. It starts
with a strongly deformed microstructure (fibrous), and retains its morphology after recov-
ery/annealing. The recrystallization annealing lead to a fully recrystallized microstructure,
consisting of coarse equiaxed grains throughout its thickness (Figure 6c).

Figure 6. Optical micrographs after Barkers electrolytic etching showing the microstructure of (a) c.r.AR, (b) rc.AR and
(c) rx.AR.

Metallographic and fractographic inspection of all samples after tensile testing was
also performed. An indicative micrograph of sample rx.TR is shown in Figure 7. The
directivity of the equiaxed grains due to uniaxial loading, is noted and indicated by the
arrows.
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Figure 7. Indicative optical micrograph after Barkers etching of sample rx.TR. The black arrow
indicated the tensile load direction.

The fracture surfaces of the broken tensile specimens were examined by use of SEM.
The numerous deep and large dimples observed highlight the ductile nature of the tested
material (Figure 8a). An indicative 3D reconstruction of the observed surface is presented
below in Figure 8b to provide a quantitative perspective of the observed dimples. All
samples exhibited similar fracture features.

Figure 8. (a) SEM fractography and (b) indicative 3D reconstruction of surface topography from one or several SEM
fractography of sample rx.TR.

3.3. EBSD Scans and Analysis

After the metallographic examination of the samples, EBSD scans were conducted on
the fractured samples near the “neck” area. It is noted that due to tensile loading many
voids were formed near this area. At the same time, the deformation led to the distortion of
the lattice, thus many areas cannot be evaluated with regards to texture. Those points were
excluded from post-processing examination due to their low confidence index (CI) value
and are marked with black color in all maps (see Figures 9–12). An indicative EBSD scan,
which was used to detect the most appropriate area is presented in Figure 9. The fracture
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surface is shown in Figure 9a where the prevalence of the (001), (111) and (112) orientations
is evident in the IPF map. In Figure 9b the (white) arrows indicate the areas where the
highest KAM values were observed, which is also the area where the maximum density of
SGBs (Figure 9c) was measured. In the final map of this figure (Figure 9d) the coexistence
of both rolling and recrystallization texture components is underlined in the selected area.
For the main part of the EBSD data, a comparative map of the samples in the as-received
and after-tensile-testing conditions is constructed for all examined orientations. GOS maps
were used for the selection of the most indicative samples from all three examined states
(deformed, recovered, and recrystallized), (Table 3). The IPF intensity did not exhibit a
high variance indicating a non-strong overall texture.

Table 3. Results of misorientation angles, IPF intensities, and GOS percentages.

Sample ID Condition IPF Intensity GOS

c.r.AR Deformed 2.7
0◦–1◦ 3.7

1◦–10◦ 95.1

rc.AR Recovered 2.4
0◦–1◦ 18.7

1◦–10◦ 66.6

rx.AR Recrystallized 2.0
0◦–1◦ 73.3

1◦–10◦ 26.1

As previously observed through the optical micrographs, the sample c.r.AR exhibited
a fibrous, highly deformed microstructure with elongated grains (Figure 10a). After
tensile testing, voids were formed, and the resulting texture was significantly influenced.
According to Table 4, KAM values increased from 0.3 in the initial state to ≈0.5 after tensile
testing in all examined orientations, due to the augmentation of disorders within the grains.
The highest KAM value was measured for the cr.TR sample. Regarding the misorientation
angles, the highest value recorded was that of low-angle grain boundaries (LAGBs) for
all states. After tensile testing, a significant amount of LAGBs was present (≈20%), as
expected. The texture components of the cr.AR sample were dominated by rolling texture
components. S2 accounted for ≈40% of the identifiable components whereas it was reduced
to 10.6%, 1.2% and 0% for samples cr.RD, c.r.45 and c.r.TR respectively, after tensile testing.
S3 (usually referred as S), in the cold-rolled state was 12.5% and after uniaxial loading
a maximum value of 43.4% was obtained for the sample parallel to the RD whereas it
was almost absent in all other orientations. The sum of S2 and S3 before and after tensile
testing remained stable at approximately 50% of the overall texture (the brass component
exhibited a strong presence and along with the S component, they reached about 60% of
the overall texture. The behavior of P and Goss texture components is noteworthy, in the
sense that they could barely be detected prior to tensile testing whereas in sample c.r.45
they exhibited an increase of 15.1% and 64.2% respectively, after testing. Augmentation
of the P component was detected in the case of sample c.r.TR also, reaching 44.4% of the
overall texture. The presence of the R component is also pronounced, and increased in the
orientation parallel to the RD whereas it could not be detected in all other orientations.
An opposing behavior was observed with regards to Goss components, which are barely
detected = in all states except for the c.r.45 sample. The differences between orientations
can be explained through an alteration of the IPF plot at the bottom of Figure 9 where the
initial state at (101) rotating towards (111) and (112) orientations can be seen. The intensity
of the IPFs did not exhibit any significant differences. In the case of the c.r.AR sample the
predominant recrystallization texture component is the R at 10.4%, while the predominant
crystallographic deformation texture component is the S accounting for more than 40% of
the overall texture (Table 4).
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Figure 10. EBSD scans and respective maps for sample (a) column CRAR, (b) CRPAR, (c) CR45 and (d) CRTRA.

Table 4. KAM values, misorientation, and texture components of the cold-rolled sheet sample.

c.r.AR c.r.RD c.r.45 c.r.TR

KAM values 0.3 0.5 0.4 0.6

Misorientation angles

2–5o 69.8 70.6 77.7 70.0

5–15o 9.2 23.5 15.9 23.3

15–62.5o 21.0 5.9 6.4 6.7

Rolling components

Copper (90, 35, 45) 1.1 12.2 0.4 0.5

S2 (47, 37, 63) 40.4 10.6 1.2 0

S3(59, 37, 63) 12.5 43.4 0.2 0.2

Taylor/Dillamore (90, 27, 45) 0.3 1.8 0.5 0.1

Brass (35, 45, 90) 3.4 21.7 0.1 0.1

Recrystallization components

Cube (0, 0, 0) 1.9 0.5 0 0

P (70, 45, 0) 2.3 0.9 15.1 44.4

Q (58, 18, 0) 4.2 2.0 12.1 6.1

R (57, 29, 63) 10.4 5.8 1.2

Goss (0, 45, 0) 1.6 2.6 64.2 1.4
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Figure 11. EBSD scans and respective maps for sample (a) rc.AR, (b) rc.RD, (c) rc.45 and (d) rc.TR.

The cold-rolled sample exhibited a high amount of SGBs accompanied by a high
percentage of S2, S3, and R components. After tensile testing, the SGBs preserved their
high percentage in the overall texture whereas the previously mentioned crystallographic
components (S2, S3 and R) were accompanied by a quite noticeable increase of brass
and copper components for the sample parallel to the RD. At 45◦ relative to the RD, P,
Q, and mainly Goss components dominated the observed texture, reaching altogether
approximately 92% of the overall texture. The P component exhibited an increase of 45%
for the sample transverse to RD.

The sheet sample (after being recovered) did not exhibit any noteworthy differences
with regard to grain morphology whereas it exhibited a higher variation of KAM values
compared to the c.r.AR sample in all examined orientations (Figure 11 and Table 5). The
maximum KAM value after tensile testing was measured in the orientation of 90◦ (1.0), and
exhibited behavior similar to the sample c.r.AR. As for the misorientation grain boundaries,
the recovered sample at the as-received state exhibited a higher amount of HAGBs (57%)
compared to the cold-rolled condition, along with a significant amount of SGBs l (35.9%).
After tensile testing, an increase of the subgrain boundaries (SGBs) and a decrease of the
HAGBs is observed, with a maximum of ≈73% being recorded for the rc.TR sample. In the
case of sample c.r.AR, the S2 component exhibited a maximum intensity in the as-received
condition and was succeeded by S3 after tensile testing in 0◦ relative to the RD. Both S2
and S3 amounted for 50% of the overall texture. After recovery, the opposite behavior
is observed, where the S3 component prevails at as-received state. Again, the sum of
these two rolling components, amounts for 50% of the overall texture in the as-received
state as well as after tensile testing in 0◦. The behavior of the brass and cube components
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is also noteworthy since, brass decreases from 30% to 12% in sample rc.RD, while cube
increases from 1.5% to 5.6%. An analogous, to the previous sample, presence of P and Goss
components, as well as Q is detected. P and Goss increased in sample rc.45 (from 0.3% and
0.5% to 9.4% and 5.7% respectively) whereas Q increased in the case of sample rc.TR (from
1.1% to 19.4%). The R component continued to be the dominant in the final recrystallization
texture components, accounting for 10.4% of the overall texture for the rc.TR sample and
an even higher percentage of 33.4% after tensile testing in the rc.RD sample whereas in
the other direction, it was vanished. The dominant (101) orientations were retained after
the annealing process whereas after the deformation process that tendency altered since
the grains were more prone to rotate towards the (112) and (001) orientations. The (101)
orientation of the crystal is parallel to the assigned sample direction while after tensile
testing a double fiber is provoked, namely the (001) and (112).

Figure 12. EBSD scans and respective maps for sample (a) rx.AR, (b) rx. RD, (c) rx.45 and (d) rx.TR.

For the final examined state, the recrystallized, rx.AR sample, exhibited a low KAM
value (Table 6). HAGBs dominated the rx.AR samples since it mainly consisted of well-
formed equiaxed recrystallized strain-free grains, a condition that was not preserved after
tensile testing. In 0◦ and 90◦ textures were dominated by SGBs whereas in 45◦ HAGBs
were mostly evident. In addition, the copper component decreased, whereas S2, S3, Taylor,
and brass increased. P increased significantly in 90◦ while Q increased in all directions
with the maximum being observed in the 45◦ orientation. The amount of Goss was reduced
from ≈24% to ≤6% for all orientations. Finally, the initial state exhibited a dominance of
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(112) and (313) orientations whereas after the deformation process the (001), (112), and (111)
were the most prominent orientations that were observed. A weaker texture according to
IPFs was observed in the as-received condition whereas a 50% increase was observed after
tensile testing.

Table 5. KAM values, misorientation, and texture components of the recovered sheet sample.

rc.AR rc.RD rc.45 rc.TR

KAM values 0.1 0.8 0.9 1.0

Misorientation angles

2–5◦ 35.9 51.9 43.8 72.6

5–15◦ 7.1 28.3 29.1 16.6

15–62.5◦ 57.0 19.8 27.1 10.7

Rolling components

Copper (90, 35, 45) 40.8 8.3 0.7 0.6

S2 (47, 37, 63) 6.5 15.6 2.7 0.4

S3(59, 37, 63) 45.2 31.6 1.3 0.2

Taylor/Dillamore (90, 27, 45) 2.6 2.4 0.7 0.2

Brass (35, 45, 90) 29.5 11.9 0.5 0.5

Recrystallization components

Cube (0, 0, 0) 1.5 5.6 1.2 1.4

P (70, 45, 0) 0.3 0.6 9.4 7.2

Q (58, 18, 0) 1.1 3.9 2.9 19.4

R (57, 29, 63) 5.6 6.1 0 0.4

Goss (0, 45, 0) 0.5 2.3 5.7 0.1

Table 6. KAM values, misorientation, and texture components of the recrystallized sheet sample.

rx.AR rx.RD rx.45 rx.TR

KAM values 0.1 1.0 0.8 1.0

Misorientation angles

2–5◦ 3.4 70.4 39.4 63.7

5–15◦ 4.6 8.1 11.5 8.3

15–62.5◦ 92.0 21.6 49.1 28.0

Rolling components

Copper (90, 35, 45) 6.4 3.6 5.1 5.8

S2 (47, 37, 63) 22.0 3.0 11.3 2.9

S3(59, 37, 63) 1.4 15.9 5.8 9.4

Taylor/Dillamore (90, 27, 45) 1.1 13.2 2.8 2.5

Brass (35, 45, 90) 8.5 12.1 0.5 2.8

Recrystallization components

Cube (0, 0, 0) 0.1 1.3 0.4 9.1

P (70, 45, 0) 2.6 0.8 3.7 10.8

Q (58, 18, 0) 8.2 8.4 10.0 8.8

R (57, 29, 63) 0.1 6.7 4.3 4.8

Goss (0, 45, 0) 23.6 0.0 5.6 0.8
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The highest tensile strength was measured in the case of the cold-rolled sample where
a rotation from (101) to (112) and (111) is also noted. The recovered sample initiated with
(101) as well and rotated mainly towards (112) and to a lesser extend to (001) orientations.
The recrystallized sample exhibited (112) and (313) orientations which were partly retained
(112), (001) and (111). The cold-rolled sample and the recovered sample, did not exhibit
significant differences with regards to texture and the dominant orientations. A different
behavior however was observed after tensile testing due to the lack of the effect of dislo-
cations inside the recovered grains. The main orientations rotation observed was (101) to
(112). This shift resulted into a higher stiffness of the examined sheet samples in compared
to the recrystallized sample where no significant orientation shift was noted (the (112)
orientation was present before and after tensile).

The texture components are qualitatively represented by the orientation distribution
functions (ODF) maps below. Although IPFs did not exhibit a strong texture in some cases,
ODFs highlight the presence of the crystallographic components and their solid presence
for each sample (Figure 13). The black arrows indicate the positions of the components,
with an intensity high enough to be measured and evaluated.

Figure 13. ODFs of the examined samples.

4. Discussion

In the present study the microstructure and texture properties of Al3104 sheet samples
were evaluated by means of optical and scanning electron microscopy with EBSD in order
study the correlation of the observed texture components resulting from the deformation
and annealing processes with the measured r-values.
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With regards to samples subjected to tensile testing, an improved behavior was
reported for the recovered sample since it maintained its toughness at a significant degree
and at the same time exhibited a significantly higher elongation value. This is further
supported by the measured Δr and rm values indicating an optimum response towards
drawing among the samples examined. Hardness decreased due to the re-arrangement
of dislocations induced during cold rolling. Electrical conductivity was elevated as the
Al matrix increased through the annealing process. This was mainly due to the increased
average free movement distance of the electrons and secondly due to the re-arrangement
of the alloying elements within the matrix during the annealing process.

The EBSD measurements underlined the significant effect of the deformation pro-
cess on different areas of the microstructure. A shift of the crystallographic orientation
during thermomechanical processing is observed through the evolution of SGBs. This
is the key parameter for the correlation between anisotropy, mechanical behavior, and
grain orientation. The slip pattern was found to be the connecting factor of a microstruc-
tural characteristic such as the misorientation angle boundaries and the crystallographic
orientation obtained during deformation [21]. The recovered state of the Al sheet was
examined since dislocations and misorientation grain boundaries response in relation to
tensile testing and subsequent fracture is obscure [22]. Different amounts of misorientation
boundaries, differences in morphology, dislocation density, and stored energy all had a
great impact on the material’s response towards recovery and recrystallization. Most of the
dislocations concentrated at the boundaries are induced through active slip systems. The
total shear can be separated towards different slip systems and according to Taylor [23],
five slip systems represent the required number of slip systems for the shape changes
in an undergoing deformation. However, inside the cell block, maybe less than five slip
systems could be sufficient to induce dislocation jog formation [24]. Dislocation boundaries
form a subdivision of the deformation microstructure, where various characteristics are
provoked through different orientations of the initial deformed grain. This correlation is
important since the microstructural characteristics had a great impact on the mechanical
behavior of thermomechanically treated metals [22]. The dislocation boundaries which
exhibit a correlation with the slip planes {111} and a 5◦ difference among the slip lines
and the dislocation boundaries are characteristic of deformation from a crystallographic
perspective. At the same time, structure morphology, misorientation angles and dislocation
boundaries indicate the presence of variations with regards to dislocation density and
stored energy [22].

For Al sheets produced through cold rolling, such as those examined in the present
study, the Schmid factor analysis indicates that the augmented number of available slip
planes leads to changes of the orientation of the boundaries. The orientations obtained non-
crystallographic positions [25], from a state of being almost parallel to slip planes. Therefore,
it could be reasonable for one to correlate the microstructural characteristics and the
behavior of the sheet after plastic deformation. In all examined cases, the number of active
slip systems is reduced during plastic deformation to ease the deformation locally. This
behavior is expected when the deformation is inhomogeneous [26], a condition not relating
to slip zones. After the uniaxial loading, which results to fracture, transformations of SGBs
to HAGBs were evident, in the rx.45 sample, which exhibited a homogeneous distribution
of the slip zones over the crystal volumes thus it shed light to the “fragmentation” as well
as the “mosaic” of SGBs into the crystal [26]. The differences with regards to the evolution
of the SGBs could be attributed to neighboring regions which are suppressed in different
lattice rotations.

The main structural parameters considered are the following: (i) boundary morphol-
ogy, (ii) crystallographic orientation, (iii) crystallographic texture, (iv) misorientatation
angle boundaries, which express the deformation of the material in different terms in
comparison to the macroscopic plastic measurements in small to medium strains. In higher
strains (ε>1) lamellar bands (LBs) are formed. When an Al sheet is subjected to deformation,
a part of the mechanical energy is stored (as dislocations mostly). Dislocations are not
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allocated inside the material randomly. They are concentrated at dislocation boundaries
functioning as dividers of low dislocation density areas. This subdivision is common for
the fcc alloys with medium to high SFE. Increased strains led to an average misorientation
angle of ≥15◦. Parts of the grain rotate differently towards various rotations inside the
grain, and consist of the observed texture components [21]. This phenomenon is observed
in highly deformed grains, and is visually represented in IPF maps as a chromatic difference
in in the interior of the grain. Such differences can be the result of localized shear [21,27].
From a microstructural point of view the pattern that is created due to rolling relates to
the arrangement of dislocation boundaries planar cell blocks measured as geometrically
necessary dislocations (GNDs)] [21]. The dislocations located at the boundaries are known
as GNDs (GND Nye tensor). The formation of those dislocations relates to the lattice
rotation required for the individual grains of the polycrystalline material to be plastically
deformed, and convert into SGBs, [28]. Knowledge of the distribution of the misorienta-
tion boundaries could clarify the subsequent behavior observed during recrystallization,
since the state of the deformed microstructure determines the process of nucleation and
subsequent growth. The misorientation boundaries lead to an estimation of the stored
energy [29]. Dislocations “jump over” through small SBGs easier than larger ones, leading
to the assumption that smaller subgrains are harder [30,31]. This could also be understood
by the fact that boundary conditions of higher order are expected from the lattice rotation
of smaller SGBs. This could be related to the higher Rm accompanied by a higher amount
of SGBs in sample rx.RD.

With regards to texture components, the Dillamore component relates to the Cu
through a rotation of 8◦ relative to the transverse direction (TD). In the recovered state
of the rc.AR sample, well-defined SGBs and thus dislocation-free grains were observed,
indicating the high mobility of the dislocations as well as the fact that they are rearranged
through cross slip and climb during deformation. Due to the existence of shear bands, a
component Q {013} <231> forms, which appears in significantly lower texture intensities
compared to cube texture. This explains the high amount of Q component observed in the
cold-rolled sample. Concerning the particle stimulated nucleation (PSN) mechanism, it
is important to note that the cube orientation tends to increase at the expense of the PSN
orientations, such as P, and the precipitation of Mg2Si particles tends to impede PSN more
strongly than the nucleation at the cube bands [7].

Additionally, another recrystallization texture component appears in rolled and an-
nealed aluminum sheets, namely the R {124} <211> component. It mainly appears due
to the presence of Fe in the alloy and indicates either in-situ recrystallization or a strain-
induced boundary migration nucleation process with subsequent growth. The R texture is
usually interpreted as, a retained rolling texture S component although it exhibits distinct
differences in its intensity and its exact positioning therefore their observed coexistence
in the examined samples could be explained. With regards to the component’s growth,
it appears that the R orientation emerges and grows substantially [7]. The R component
is retained from rolling texture components in the cases with reduced stored dislocation
energy (at recovery state), as it observed in the rc.AR sample. The high percentage of S
components was also important as these grains, favor the nucleation of R components as
well [32] between the deformed bands. The balance between deformation textures and
annealing textures is crucial to controlling earing in beverage can stock [10,33]. The solute
Mn plays an important role in decreasing the EC value of Al alloy [34]. Therefore, the lower
hardness but higher EC value can possibly be correlated with a lower content of Mn in solid
solution. It has been found that the higher the intensity of the deformation Cu component,
the stronger the intensity of the subsequently produced cube component. Similarly, the
intensity of the Goss component is directly related to the strength of the brass component
which exhibited an intense presence in the cold rolled and recovered samples. Generally,
brass and copper exhibit a greater tendency to recrystallize discontinuously, whereas at
these cases S is retained from the previous cold rolling states. P and Q components originate
in deformation inhomogeneities, i.e., particles or shear bands [13,35]. The SGBs cannot
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“escape” from the particles and therefore the evolution of the substructure is controlled by
subgrain growth which is directly correlated with the presence of second phase particles.
The formation of a high percentage of HAGBs was observed at the rx.AR sample with a mi-
crostructure resembling a material subjected to discontinuous recrystallization. The driving
force for the subgrain growth is directly proportional to the shape factor and misorientation
dependent stored energy of the subgrain array and inversely proportional to the radius of
the subgrains. Subgrains can grow through two mechanisms, i.e., boundary migration and
coalescence of subgrains. In the case of boundary migration, subgrain coarsening occurs
due to the migration of the low-angle boundaries. Large subgrains will grow at the expense
of small subgrains and the exact mechanism will rely on the dislocation structure at the
boundaries as well as the mobility of the triple junctions. Subgrains also grow through
rotation assisted coalescence of subgrains. The recrystallized grains of the rx.AR sample
exhibited quality patterns of higher quality and confidence index values from recovered
grains. In addition, no orientation variation inside the grains was observed. Through
the shift of the texture maximum observed at the ODF maps in the several ϕ2 sections, R
oriented grains exhibited a competitive behavior towards brass, copper, and S. The SBGs
formed near S orientations are more favorable to grow [32].

An optimal combination of a minimum Δr and a maximum rm value was observed
for the recovered state sample (rc.AR). The high amount of S components (S2 and S3), the
strain-free elongated grains accompanied by an average amount of SGBs as well as the
high amount of HAGBs in the as-received state, obstruct dislocations from overpassing
them. The contribution of precipitates and dispersoid particles could be neglected if the
precipitate spacing is greater than the mean free path of the electron, which is possibly the
case as indicated by conductivity measurements. In the intermediate range of precipitate
and dispersoid particle spacings commonly observed in commercial aluminum alloys, the
contribution of precipitates to electrical resistivity is less clear [36–38]. A deformed material
exhibiting high dislocation density initially forms cells and then exhibits annihilation of
dislocations within the cells resulting into subgrain formation [30]. The increase of EC was
evident in the rx.AR sample and could be attributed to the precipitation of dispersoids. The
percentage of recrystallization components after each thermal treatment, increased slightly
for the lower annealing temperature (rc.AR) and more dynamically for the higher ones
(rx.AR). IPF intensities did not exhibit high variations (2.0 to 2.5) indicating a relatively weak
overall texture. In the as-received condition, the most prominent component was S whereas
after annealing, the most prominent components were R, Goss, and Q. Conventional or
discontinuous dynamic recrystallization involves the nucleation of new, dislocation-free
grains followed by their subsequent growth through the migration of HAGBs. Such
nucleation occurs in areas where the strain and orientation gradients are high. As such,
the process can be differentiated from recovery (where HAGBs do not migrate) and grain
growth (where the driving force is the reduction in the boundary area). During plastic
deformation, the work performed is the integral of the stress and strain in the plastic
deformation regime. Although most of this work is converted to heat, some fraction
(~1–5%) is retained in the material as defects—particularly dislocations.

5. Conclusions

The most significant conclusions of the presented work are summarized below:

• The optimal combination of Δr and rm values was observed for the recovered sample.
• The S component exhibited a noteworthy behavior since, S2 and S3, namely similar

components, retained the 50% of the texture before and after tensile testing in an
orientation parallel to the RD.

• The texture components exhibited gradual orientation transitions over various layers
of SGBs.

• The most prominent recrystallization texture component in the cold rolled and recov-
ered states was R due to the previous intense presence of S components.
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• The recovered sample exhibited a recrystallization texture leading to better results
with regards to the deep drawing behavior of the material, an assumption that was
further supported through the measured r-values.

• After uniaxial loading, the subgrain structure exhibited a gradual transformation to
HAGBs in the recrystallized sample at 45◦ while a reinforcement of the SGBs was
observed in all other examined cases.

• The (101) rotation towards (112) led to satisfying results regarding the resulting
mechanical response.

• The combination of a high number of S-oriented grains, which were at the same time,
strain-free due to recovery, as along with the presence of HAGBs and secondarily by
SGBs, constituted the ideal substructure regarding the Δr and rm values. The aforemen-
tioned state is expected to lead into better results with regards to the deep drawing
behavior of the material.
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