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Preface to “Additive Manufacturing Research

and Applications”

Additive Manufacturing (AM) has gone through something of a revolution over the last decade,

and it has now evolved into a viable industrial manufacturing solution that is capable of creating

complex geometries unachievable with traditional manufacturing methods. Thus, AM is becoming

more and more capable of redefining the manufacturing landscape. The existing ecosystem for

AM has significantly developed in the areas of design digitization, deposition methods, printer

capabilities, component geometry re-imagination, and post-processing methods. Big data and

machine learning are reaching levels of maturity where they have become capable of assisting in

targeted and rapid problem-solving.

However, further research is required to overcome the many challenges additive manufacturing

faces today, specifically in the research areas of powder manufacturing technologies in 3D printing,

pre-and post-processing technologies and approaches, AM processes and optimizations, inspection

processes and quality evaluation, new materials for 3D printing, design and simulation in AM,

topology optimization, microstructure design, new materials in 3D printing such as silicone, new

AM machine design, and development, etc.

This Special Issue book covers a wide scope in the 3D-printing research field including the

following: the use of 3D printing in system design; AM with binding jetting; powder manufacturing

technologies in 3D printing; fatigue performance of additively manufactured metals, such as the

Ti-6Al-4V alloy; 3D-printing method with metallic powder and a laser-based 3D printer; 3D-printed

custom-made implants; laser-directed energy deposition (LDED) process of TiC-TMC coatings;

Wire Arc Additive Manufacturing; cranial implant fabrication without supports in electron beam

melting (EBM) additive manufacturing; the influence of material properties and characteristics

in laser powder bed fusion; Design For Additive Manufacturing (DFAM); porosity evaluation of

additively manufactured parts; fabrication of coatings by laser additive manufacturing; laser powder

bed fusion additive manufacturing; plasma metal deposition (PMD); as-metal-arc (GMA) additive

manufacturing process; spreading process maps for powder-bed additive manufacturing derived

from physics model-based machine learning.
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1. Introduction and Scope

Additive Manufacturing (AM) has undergone somewhat of a revolution over the
last decade and it has now evolved into a viable industrial manufacturing solution, able
to create complex geometries which are unachievable with traditional manufacturing
methods. Thus, AM is becoming more and more capable of redefining the manufacturing
landscape. There have been significant advances made in the existing ecosystem for AM
in the areas of design digitization, deposition methods, printer capabilities, component
geometry re-imagination, and post-processing methods. Big data and machine learning
are each reaching a level of maturity whereby they have become capable of assisting in
targeted, rapid problem-solving.

However, further research is required to overcome many challenges faced by additive
manufacturing today, particularly in the research area of powder manufacturing technologies
in 3D printing, pre-and post-processing technologies and approaches, AM processes and
optimizations, inspection processes and quality evaluation, as well as new materials for 3D
printing, design and simulation in AM (topology optimization, microstructure design), new
materials in 3D printing such as silicone, new AM machine design, and development, etc.

2. Contributions

This Special Issue offers a wide scope in the research field around 3D printing, in-
cluding the following [1–18]: the use of 3D printing in system design, AM with binding
jetting, powder manufacturing technologies in 3D printing, fatigue performance of addi-
tively manufactured metals such as the Ti-6Al-4V alloy, 3D-printing method with metallic
powder and a laser-based 3D printer, 3D-printed custom-made implants, laser-directed
energy deposition (LDED) process of TiC-TMC coatings, Wire Arc Additive Manufacturing,
cranial implant fabrication without supports in electron beam melting (EBM) additive
manufacturing, the influence of material properties and characteristics in laser powder
bed fusion, Design For Additive Manufacturing (DFAM), porosity evaluation of additively
manufactured parts, fabrication of coatings by laser additive manufacturing, laser powder
bed fusion additive manufacturing, plasma metal deposition (PMD), as-metal-arc (GMA)
additive manufacturing process, and spreading process maps for powder-bed additive
manufacturing derived from physics model-based machine learning.

3. Conclusions and Outlook

This Special Issue of Metals was well supported by a diverse range of submissions and
consists of a final publication of 18 high-quality peer-reviewed articles. As Guest Editors of
this Special Issue, we are very pleased with the final result and hope that the present papers
will be useful to researchers and designers working on the area of additive manufacturing.
We would like to warmly thank all the authors for their contributions and all reviewers for
their efforts to ensure a high-quality publications. At the same time, we would also like
to thank the many anonymous reviewers who assisted in the reviewing process. Sincere
thanks are also owed to the Editors of Metals for their continuous help, and to the Metals
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Editorial Assistants for their valuable and inexhaustible engagement and support during
the preparation of this special issue. In particular, we offer our sincere thanks to Toliver
Guo for his help and support.

Conflicts of Interest: The authors declare no conflict of interest.
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Abstract: In the gas-metal-arc (GMA) additive manufacturing process, the shape of the molten
pool, the temperature field of the workpiece and the heat dissipation conditions change with the
increase of cladding layers, which can affect the dimensional accuracy of the workpiece; hence,
it is necessary to monitor the additive manufacturing process online. At present, there is little
research about formation-dimension monitoring in the GMA additive manufacturing process; in this
paper, weld reinforcement prediction in the GMA additive manufacturing process was conducted,
the visual-sensing system for molten pool was established, and a laser locating system was designed
to match every frame of the molten pool image with the actual weld location. Extracting the shape
and location features of the molten pool as visual features, on the basis of a back-propagation (BP)
neural network, we developed the prediction model for weld reinforcement in the GMA additive
manufacturing process. Experiment results showed that the model could accurately predict weld
reinforcement. By changing the cooling time between adjacent cladding layers, the generalization
ability of the prediction model was further verified.

Keywords: GMA additive manufacturing; weld reinforcement; visual features; neural network

1. Introduction

Additive manufacturing technology is based on the idea of discreteness and accumulation,
using material to stack layer by layer, forming a three-dimensional entity [1]. In recent years, using additive
manufacturing technology to obtain a workpiece with high dimensional accuracy and good mechanical
properties has become a research hotspot [2]. Gas-metal-arc (GMA) additive manufacturing is the
processing technology that uses an electric arc as a heat source to melt metal wire and stacks, forming
a metal workpiece [3,4], Yanhu Wang et al. [5,6] pointed out that additive manufacturing based on arc
welding has the outstanding advantages of low cost and high efficiency, and can be widely used in many
fields. They studied the additive manufacturing of copper-aluminum alloys by adding a small amount of
silicon in the cold-metal-transfer (CMT) welding process. In recent years, the visual-sensing method has
been widely used in the field of welding manufacturing, Zhuang Zhao et al. [7] proposed an optimal
imaging-band selection mechanism for molten pool vision, which has important guiding significance for
collecting high-quality molten pool images. Jun Lu et al. [8] obtained the temperature field of the molten
pool on the basis of visual imaging in the GMA welding process, and realized the prediction of hump
weld bead by monitoring the temperature field distribution of the molten pool.

In the GMA additive manufacturing process, with the increase of cladding layers, heat accumulation
of the workpiece is serious, heat dissipation worsens and the shape of the molten pool changes,
which ultimately affect the dimensional accuracy of the formed workpiece, so it is very important to monitor
the GMA additive manufacturing process online [9]. Ouyang et al. [10,11] produced aluminum-alloy
workpieces in a variable-polarity gas-tungsten-arc-welding (GTAW) additive manufacturing process.

Metals 2020, 10, 1041; doi:10.3390/met10081041 www.mdpi.com/journal/metals
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They used a charge coupled device (CCD) to monitor the arc length online, pointing out that arc length
and preheating temperature have important influence on forming quality. Spencer et al. [12] produced a
metal workpiece in a GMA additive manufacturing process, using an infrared thermometer to monitor
online the temperature of the welding workpiece. When the temperature of the welding workpiece
cooled to a certain value, the next layer could be stacked. This method reduces the time efficiency
of the additive manufacturing process, but improves the microstructure and material properties.
Kwak et al. [13,14] used two CCD sets to monitor the morphology of the cladding layer in the
metal-inert-gas (MIG) welding additive manufacturing process, and used an infrared thermographer to
detect the surface-temperature field of the welding workpiece. Jinqian Zhu et al. [15] used an infrared
thermographer to detect online the temperature field of the cladding channel in a laser metal-wire
additive manufacturing process, realized the prediction of the cladding channel width and the accurate
location of welding defects.

The artificial-neural-network model has excellent nonlinear-mapping characteristics, as well as
strong learning and induction abilities; the support vector machine (SVM) is a classifier with sparsity
and robustness. In recent years, they have been widely used in areas of pattern recognition, and fault
diagnosis, prediction, and estimation. Yukang Liu et al. [16] developed a dynamic adaptive neural fuzzy
inference system in a GTAW process, and predicted the weld width on the reverse side of the welding
seam online by using the visual characteristic parameters of the molten pool. Yanfeng Gao et al. [17,18]
developed an SVM to predict the welding-penetration mode through the arc sound signal during
the welding process. Jiajia Yang et al. [19] acquired a molten pool image in the near-infrared band
in an aluminum-alloy double-wire-welding process, extracted the visual features of molten pool,
and established the penetration-state recognition model on the basis of a neural network.

At present, research on GMA additive manufacturing mainly focuses on the feasibility of the
forming process, and the mechanical properties of the formed workpiece [20,21]; there is little research
on the dimensional accuracy of the formed workpiece [9]. In this paper, we took single-pass multilayer
GMA additive manufacturing as the research object, used a color CCD to collect molten pool images
and extract the shape and position features of the molten pool in real time; by means of a neural
network, established the prediction model for weld reinforcement, and realized the online monitoring
of weld reinforcement in the additive manufacturing process, which has important guiding significance
for the subsequent control of forming size.

2. Welding Experiment Platform and Approach

2.1. Welding Experiment Platform

Conducting arc additive manufacturing experiment in the CMT welding procedure, which belongs
to the GMA welding procedure, the welding experiment platform included a welding power supply
(Fronius CMT advanced 4000R), a mobile robot (ABB IRB1400 M2004, ABB, Zurich, Switzerland),
a molten pool visual sensor, and a laser locating system, which are shown in Figure 1. The base metal
was 304 stainless steel plate, the size was 450 mm × 150 mm × 10 mm, and the welding wire was
stainless steel, the diameter of which was 1.2 mm, the chemical composition of welding wire is shown in
Table 1, the type of welding torch was Robacta Drive CMT (Pettenbach, Austria). The visual sensor for
the molten pool consisted of a color camera (Basler acA640-750uc, Ahrensburg, Germany), computer,
and trigger module; the color camera was installed on the welding torch. Furthermore, we developed
a laser locating system that consisted of a laser, monochrome camera (Basler ace acA1920-155um,
Ahrensburg, Germany), and computer; the laser was installed on the welding torch, and sent out light
shining on the upper edge of welding wire. The monochrome camera was fixed on the experiment
platform to record the moving trajectory of the laser point. In the GMA additive manufacturing process,
the trigger module gave out a fixed frequency signal to control the color and monochrome cameras at
the same time; by observing the location of the laser point in every frame of the monochrome image,
precisely matching every frame of color molten pool images with the specific weld location.
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(a) 

(b)  

Figure 1. Welding experiment platform. (a) Structure diagram; (b) Physical diagram.

Table 1. The chemical composition of welding wire.

Elements C Mn Cr Ni Mo Si

Composition 0.012% 2.180% 18.97% 12.70% 2.310% 0.570%

2.2. Experiment Approach

In the GMA additive manufacturing experiment, the welding torch moved horizontally and in
the same direction, setting the contact tip to work distance (CTWD) to 1.5 cm, welding current to
130 A, the welding velocity to 5 mm/s, the welding length of each cladding layer to 80 mm, and the
number of cladding layers to 10; detailed parameters are shown in Table 2. In the GMA additive
manufacturing process, the trigger module gave out fixed frequency signal to control the color and
monochrome cameras at the same time, whose frequency was 1000 Hz. We extracted the shape and
location features of the molten pool through color molten pool image. By observing the location of
the laser point in every frame of the monochrome image, we determined the actual weld location
corresponding to each frame collected color molten pool images. After each cladding layer was
welded, using three-dimensional scanner to measure the height of the workpiece, we extracted the
weld reinforcement. All extracted data constituted the data set of the prediction model.
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Table 2. Welding parameters.

Welding Current Welding Voltage Welding Speed Wire Feeding Speed Shield Gas Flux

129 A 14.4 V 5 mm/s 4.9 m/min 25 L/min

3. Experiment Data Extraction

3.1. Definition and Extraction of Visual Feature Parameters

In the GMA additive manufacturing process, after the color CCD had completed molten pool
image acquisition, binary processing was carried out to extract the molten pool outline. Holes were
filled up in the contour, and the shape features of the molten pool could be determined. We calculated
the molten pool area, length, and width, which were selected as the shape features. Molten pool area
was defined as whole pixels within the molten pool outline, molten pool length was defined as the
maximal distance of the molten pool contour along the welding direction, and molten pool width was
defined as the maximal distance of the molten pool contour perpendicular to the welding direction.

At the arc-striking stage, the cooling rate of the molten pool was relatively fast, the molten
pool was difficult to spread out. With the increase of cladding layers, the workpiece tended to be
bogged down, which is shown in Figure 2; in addition, the welding procedure is an important factor.
The geometric dimensions of the workpiece are shown in Figure 3. The relative position of the molten
pool in the image would change; therefore, the location feature of the molten pool is also an important
feature. We extracted the wire extension as the location feature of the molten pool. Figure 4 is the
schematic diagram of the visual features of the molten pool.

 

Figure 2. Workpiece formed by additive manufacturing.

Figure 3. The geometric dimensions of the workpiece.
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Figure 4. Schematic diagram of visual features of molten pool.

In this paper, the additive manufacturing experiment was conducted in the CMT procedure.
The advantages of the CMT welding process are small splash, low heat input, and stable arc. After setting
the welding parameters, the current waveform was collected in the actual welding process. Figure 5 [22]
shows the welding current waveform of the CMT process under certain welding parameters, while,
Figure 6 [22] shows all images collected by color CCD within a CMT cycle.

Figure 5. Welding current waveform of cold-metal-transfer (CMT) procedure.

 
Figure 6. All images collected within CMT cycle.
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Figures 5 and 6 show that the CMT cycle was approximately 14 ms, at the peak stage of CMT
process. Because of the strong arc light, the collected molten pool image was seriously disturbed, and it
was difficult to calculate the visual features of the molten pool. At the base stage of the CMT process,
there was almost no arc interference, and the collected molten pool image had high signal-to-noise ratio
(SNR), from which the shape and location features of the molten pool could be accurately extracted.
In this paper, we chose the first frame image collected at the base stage within every CMT cycle,
and extracted the shape and location features of the molten pool.

3.2. Extraction of Weld Reinforcement

In the GMA additive manufacturing process, after each cladding layer was welded, using a 3D
scanner (Wiiboox REEYEE 3M) to measure the height of the workpiece (the 3D scanner is shown in
Figure 7), getting the relationship between workpiece height and welding seam position, the height
difference between adjacent cladding layers was defined as the weld reinforcement of the current
cladding layer. Then, by means of the laser locating system, we could calculate the weld reinforcement
corresponding to every frame of the molten pool image collected by color CCD.

 

Figure 7. Three-dimensional scanner.

4. Prediction-Model Establishment for Weld Reinforcement

Artificial neural networks have excellent nonlinear mapping characteristics and strong learning
ability. In recent years, they have developed rapidly and are widely used in automatic control,
prediction, and other fields. Back-propagation (BP) neural networks are multilayer feedforward neural
networks that are trained by error back-propagation algorithms.

Taking the shape and location features of the current frame molten pool as inputs, that is to
say, the molten pool area, length, width, and the wire extension as inputs, the weld reinforcement
corresponding to the current frame as the output; by means of the BP neural network, the prediction
model for weld reinforcement was developed. There were two hidden layers in the neural network.
On the basis of the test results, two hidden layers were set with 10 neurons, respectively; the structure
of the prediction model is shown in Figure 8.
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Figure 8. Structure of prediction model.

In the GMA additive manufacturing process, accumulating one layer every 3 min, that is to say,
the cooling time between adjacent cladding layers was 3 min, according to the acquired data, we randomly
selected 800 groups of data to constitute the training set in each cladding layer, and the other data
constituted the test set; detailed data groups are shown in Table 3. Partial data of the shape and location
features of the molten pool, and the corresponding weld reinforcement are shown in Table 4.

Table 3. Number of data groups within training and test sets.

Number of Cladding Layers Training Set Test Set

3 800 129
4 800 142
5 800 169
6 800 129
7 800 145
8 800 165
9 800 139

10 800 54

Table 4. Partial data of molten pool features and corresponding weld reinforcement.

Molten Pool Area
(pixel)

Molten Pool
Length (pixel)

Molten Pool
Width (pixel)

Wire Extension
(pixel)

Weld Reinforcement
(mm)

19440 171 146 44 2.1551
25037 212 155 58 2.2781
24453 217 155 58 1.9829
22752 210 140 62 2.0542
21025 198 129 68 1.7656
20227 183 139 76 1.8179
19228 181 131 84 1.6907
16954 152 137 108 1.5000
16036 149 136 131 1.7075

Before training and testing the prediction model, all data needed to be mapped to [0,1], that is
normalization, and the detailed calculation formula is:

xnew =
xorigin − xmin

xmax − xmin
(1)
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where xorigin and xnew are the numerical values before and after treatment, respectively; and xmax and
xmin are the maximal and minimal numerical values within the original data set, respectively.

5. Predicted Results and Analysis

By testing the established prediction model, the predicted results of weld reinforcement in the
third, fourth, and fifth cladding layers are shown in Figure 9.

(a) 

(b)  

(c)  

Figure 9. Predicted results of weld reinforcement. (a) Third cladding layer; (b) Fourth cladding layer;
(c) Fifth cladding layer.

There are several reasons for the larger prediction error of individual samples, for example,
the welding process is a non-linear and multivariable process, and there are some random uncertainties,
which leads to the deviation of individual experiment results from the predicted results of the prediction
model. In addition, there were some errors in the extraction and calculation of visual features of the
molten pool.
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The predicted precision of the developed model could be judged through mean absolute error
(MAE); the calculation equation is as follows:

MAE =
1
m
·

m∑
i=1

∣∣∣h′(i) − h(i)
∣∣∣ (2)

where h′ denotes the predicted weld reinforcement, h denotes the actual weld reinforcement, and m is
the whole number of data groups within the test set.

The predicted precision of the established prediction model is shown in Table 5.

Table 5. Predicted precision of established model.

Number of Cladding Layers MAE (mm) Number of Cladding Layers MAE (mm)

3 0.0476 7 0.0412
4 0.0699 8 0.0431
5 0.0388 9 0.0439
6 0.0313 10 0.0353

In the GMA additive manufacturing process, if cooling time between adjacent cladding layers
is kept constant, the weld reinforcement of each cladding layer greatly fluctuates; the established
prediction model in this paper could accurately predict weld reinforcement. In the GMA additive
manufacturing process, the heat-dissipation condition in each cladding layer, and the change rule of
the molten pool shape are different; therefore, there is no necessary relationship between MAE and the
ordinal number of cladding layers. By reducing the number of data groups in the training set, the test
accuracy of the model did not decrease, which indicated that the selected number of data groups in the
training set was enough.

When all the data acquired from different cladding layers were combined into one data group,
randomly selecting 150 groups of data as the test set, and the other data constituted the training set,
the predicted results of weld reinforcement are shown in Figure 10; predicted MAE was 0.1094 mm.

Figure 10. Predicted results of weld reinforcement.

6. Verification of Generalization Ability of Prediction Model

In the GMA additive manufacturing process, cooling time between adjacent cladding layers has
great influence on the shape of the molten pool and the precision of the final forming dimension.
In order to further verify the generalization ability of the prediction model for weld reinforcement,
we changed the cooling time between adjacent cladding layers, with other welding parameters
remaining unchanged.

In the case of cooling time between adjacent cladding layers being 4 min, according to the
acquired data, we randomly selected 800 groups of data to constitute the training set in each cladding
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layer, and the other data constituted the test set, as shown in Table 6. The predicted precision of the
established prediction model is shown in Table 7.

Table 6. Number of data groups within training and test sets.

Number of Cladding Layers Training Set Test Set

3 800 152
4 800 148
5 800 186
6 800 141
7 800 150
8 800 163
9 800 155

10 800 145

Table 7. Predicted precision of the established model.

Number of Cladding Layers MAE (mm) Number of Cladding Layers MAE (mm)

3 0.0312 7 0.0335
4 0.0320 8 0.0304
5 0.0358 9 0.0348
6 0.0228 10 0.0583

When all data acquired from different cladding layers were combined into one data group,
randomly selecting 150 groups of data as the test set, and the other data constituted the training set,
the predicted results of weld reinforcement are shown in Figure 11; predicted MAE was 0.0777 mm.

Figure 11. Predicted results of weld reinforcement.

In the case of cooling time between adjacent cladding layers being 2 min, according to the
acquired data, we randomly selected 800 groups of data to constitute the training set in each cladding
layer, and the other data constituted the test set, as shown in Table 8. The predicted precision of the
established prediction model is shown in Table 9.
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Table 8. Number of data groups within training and test sets.

Number of Cladding Layers Training Set Test Set

3 800 112
4 800 188
5 800 145
6 800 129
7 800 113
8 800 144
9 800 111

10 800 108

Table 9. Predicted precision of established model.

Number of Cladding Layers MAE (mm) Number of Cladding Layers MAE (mm)

3 0.0352 7 0.0549
4 0.0473 8 0.0353
5 0.0365 9 0.0391
6 0.0274 10 0.0563

When all data acquired from different cladding layers were combined into one data group,
randomly selecting 150 groups of data as the test set, and the other data constituted the training set,
the predicted results of weld reinforcement are shown in Figure 12; predicted MAE was 0.0950 mm.

Figure 12. Predicted results of weld reinforcement.

Similarly, due to different heat-dissipation conditions in each cladding layer, the change rule of
the molten pool shape was also different; there was no necessary relationship between MAE value and
the cooling time of adjacent cladding layers. To sum up, we can conclude that the prediction model for
weld reinforcement had high prediction precision and strong generalization ability, which could be
applied to the GMA additive manufacturing process.

7. Conclusions

(1) A vision-sensing system for molten pool was established that can extract the shape feature
of molten pool in real time. A laser positioning system was also developed to match every frame
collected molten pool images with actual weld location.

(2) Taking the shape and location features of the current frame molten pool as input, the weld
reinforcement corresponding to current frame as the output, by means of a BP neural network,
the prediction model for weld reinforcement was developed; experiment results showed that the
predicted MAE of the model was less than 0.11 mm. By changing cooling time between adjacent
cladding layers, the generalization ability of prediction model was further verified.
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(3) Future work will mainly focus on the study of the online control method for weld reinforcement
in the GMA additive manufacturing process.
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Abstract: Selective laser melting (SLM) is an additive manufacturing method with rapid solidification
properties, which is conducive to the preparation of alloys with fine microstructures and uniform
chemical compositions. Magnesium alloys are lightweight materials that are widely used in the
aerospace, biomedical and other fields due to their low density, high specific strength, and good
biocompatibility. However, the poor laser formability of magnesium alloy restricts its application.
This paper discusses the current research status both related to the theoretical understanding and
technology applications. There are problems such as limited processable materials, immature process
conditions and metallurgical defects on SLM processing magnesium alloys. Some efforts have been
made to solve the above problems, such as adding alloy elements and applying postprocessing.
However, the breakthroughs in these two areas are rarely reviewed. Due to the paucity of publications
on postprocessing and alloy design of SLMed magnesium alloy powders, we review the current state
of research and progress. Moreover, traditional preparation techniques of magnesium alloys are
evaluated and related to the SLM process with a view to gaining useful insights, especially with respect
to the postprocessing and alloy design of magnesium alloys. The paper also reviews the influence of
process parameters on formability, densification and mechanical behavior of magnesium. In addition,
the progress of microstructure and metallurgical defects encountered in the SLM processed parts is
described. Finally, this article summarizes the research results, and with respect to materials and
metallurgy, the new challenges and prospects in the SLM processing of magnesium alloy powders
are proposed with respect to alloy design, base material purification, inclusion control and theoretical
calculation, and the role of intermetallic compounds.

Keywords: selective laser melting; magnesium alloys; properties

1. Introduction

Magnesium is one of the most abundant elements on Earth and represents approximately 2.5% of
its composition. Magnesium and its alloys are lightweight metallic structural materials with certain
advantages, such as low density, high specific strength and high stiffness [1,2]. Magnesium and its
alloys are considered to have great application prospects in the aerospace, transportation, electronics,
biomedicine, and energy fields due to their excellent physical and chemical properties, such as low
density, good damping performance, biocompatibility, recyclability, large hydrogen storage capacity,
and high theoretical specific capacity [3–5]. As the lightest structural material currently available,
magnesium alloys have the potential to replace steel and aluminum in many structural applications [6].
Thus, magnesium alloys have already found considerable applications in various fields, including
the aerospace, aircraft, automotive, and electronics fields; in particular, magnesium die castings have
been widely used in the automotive industry [7]. However, despite the abovementioned advantages,
magnesium and its alloys still face many difficulties in large-scale industrial applications. For instance,
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the poor room temperature plasticity and poor corrosion resistance of these materials still need to be
addressed [8,9]. Currently, magnesium alloy development is focused on the production of complex
structures with high efficiency and minimal environmental impact; accordingly, many new magnesium
alloy preparation technologies have emerged.

Additive manufacturing (AM) is a promising new technology that can dramatically change the
way components are manufactured in many different industries and greatly increase manufacturing
efficiency. According to different technologies, AM can be divided into electron beam melting (EBM),
direct laser forming (DLF) and selective laser melting (SLM). SLM is a technology widely used in the
preparation of metal powders. Commonly used metal powders include Fe-based alloys, titanium-based
alloys, Al-based alloys, Mg-based alloys, and nickel-based alloys. SLM uses a high-energy laser beam
to completely melt metal powder in a protective atmosphere along a defined laser path, and this
molten metal rapidly solidifies [10]. By repeating this step and overlapping subsequent layers,
a three-dimensional component is eventually formed. SLM provides a means of manufacturing
geometrically complex structures, eliminating the need to build molds, which would otherwise
require a considerable amount of time and money to manufacture. The cooling rate of the molten
pool reaches 103–108 K/s due to the rapid movement of the laser and the molten metal pool [11].
The characteristics of rapid solidification and layered manufacturing enable the SLM process to produce
materials with a more uniform chemical composition, a more concentrated solid solution, a refined
microstructure, and better mechanical properties [12,13]. However, due to the inherent heat treatment
of the SLM process, wherein each layer is cyclically reheated by the deposition of subsequent layers,
the microstructure of the material is also unique [14]. To date, the samples produced by SLM still have
some defects, such as pores and cracks, which affect the final use of the produced parts. Therefore,
how to control the material density, microstructure and performance by adjusting the SLM process
conditions is a research focus.

Due to several characteristics of magnesium alloys, including a low melting point, easy oxidation,
and dangerous production, research on the preparation of these materials is still in its infancy
worldwide. Research institutions investigating these materials include the Fraunhofer Institute
for Laser Technology, Huazhong University of Science and Technology, University of Science and
Technology Beijing, Central South University, Université de Technologie de Belfort-Montbéliard,
Chongqing University, Hong Kong Polytechnic University, Suzhou University, and Delft University of
Technology. Current research is in the small-scale trial production stage in the laboratory, and research
and experimental data on the forming characteristics and mechanical properties of selective laser
melted (SLMed) magnesium alloys are scarce. On the one hand, owing to the inherent physical
properties of magnesium alloys, the research progress of SLMed magnesium alloys is limited. On the
other hand, during the production of SLMed magnesium alloys, the generation of defects and the
characteristics of microstructures affect the performance of SLMed magnesium alloys. For instance,
in the Mg-Al-Zn(AZ) series of magnesium alloys, the presence of the second phase Mg17Al12 limits the
mechanical properties—especially the elongation—of the alloy, which restricts the further development
of SLMed magnesium alloys. At present, many scholars have conducted research and comprehensive
reviews on the spheroidization, defects, porosity, and alloying element loss in magnesium alloys and
other metals prepared by SLM [15–21]. However, limited processable materials, immature process
conditions and metallurgical defects are still problems that magnesium alloys need to face and solve
in the SLM process. In the past two years, these three issues of SLMed magnesium alloys have been
substantially improved by optimizing process parameters, introducing post treatment and adjusting
different alloying elements. However, few review articles have been written in this regard. Therefore,
it is necessary to summarize the development of SLMed magnesium alloys from the perspectives
of process, element adjustment and post treatment. To improve the machinability of the material,
this paper will review the research progress of the addition of alloying elements and the post-treatment
to expand the processable magnesium alloy materials. Process conditions and new research progress on
relative density, microstructure, mechanical properties and corrosion resistance of SLMed magnesium
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alloys will be reviewed. In addition, the formation mechanism of metallurgical defects, especially
oxidation and cracks, will be discussed and analyzed to provide a reference for the application of
SLMed magnesium alloys.

This article also discusses the aspects that need to be addressed in future research on SLMed
magnesium alloys, which provides a basis for further research and development of these materials.

2. Formation and Energy Density of SLMed Magnesium Alloys

There are many process parameters that affect the forming of SLMed magnesium alloys.
The selection of process parameters directly affects the balling degree, relative density, microstructure,
and mechanical properties of magnesium alloys. The selection of the best process parameters is the
key to ensuring good sample formation [22–24]. The most commonly studied process parameters are
laser power, scanning speed, hatch spacing, and layer thickness. These four process parameters can be
expressed by a comprehensive evaluation index: energy density Ev. The definition of Ev is shown in
Equation (1):

Ev =
P

vHT
(J/mm3) (1)

where P is the laser power, v is the scanning speed, H is the hatch spacing, and T is the layer thickness.
Energy density integrates the key process parameters, which can more intuitively reflect the energy
applied by the laser to the powder, to evaluate the heating, melting, and evaporation of the powder.
Tables 1 and 2 summarize the research progress of SLMed magnesium alloys in terms of alloy grades,
powder characteristics, forming quality, performance, optimal energy density, and research institutions.

As shown in Tables 1 and 2, the research materials involve magnesium and its alloy powders,
and different research institutions have studied the mechanical properties and corrosion resistance
of SLMed magnesium alloys under best processing parameters. There are differences in the optimal
energy input for forming magnesium alloys of the same alloy grade. First, the optimal energy input is
related to the properties of the powder. Samples containing different particle sizes and particle size
distributions require different amounts of energy to fully melt the powder. Second, there are differences
in the research equipment used by different research institutions, which creates differences in process
conditions. The introduction of different alloying elements into magnesium powder improves its
mechanical properties and corrosion resistance. To further analyze the relationship between forming
and magnesium alloy properties in the SLM process, the relationship between the energy density and
the magnesium alloy grade in Table 1 is determined, as shown in Figure 1.

We summarized the effects of energy input on the forming, relative density, microhardness,
grain size, and mechanical properties of different magnesium alloy series. It can be seen that during the
SLM process, the energy input will have certain macroscopic and microscopic effects on the magnesium
alloy, including the formation of pores and microstructures. This will be analyzed and discussed in
detail in the following chapters.
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Table 2. Summary of the biodegradability of SLMed magnesium alloys.

Types Powder Shape Particle Size (μm) Processing Biodegradation Rate Refs.

AZ61 spherical 70 SLM 12.26 mg/cm−2 [29]
ZK60 spherical 50 SLM 0.006 mL cm−2 h−1 [30]

ZK30-xAl spherical ZK30: 45–74; Al: 5–15 SLM 0.17 ± 0.02 mg cm−2 day−1 [31]
Mg irregular 75–150 SLM Fail [34]

WE43 spherical 25–60 SLM 0.17 mL/cm2 [45]
ZK60-Cu spherical ZK30: 50; Cu: 80 nm SLM Close to 1.01 mm y−1 [46]

Figure 1. Energy density range of the SLMed magnesium and its alloys [26,28,32,37]. (This picture was
drawn by the author; the data in the figure come from citations).

Figure 1 summarizes the energy density required for the formation of several common magnesium
alloys during SLM. The forming characteristics of the SLMed magnesium alloy show five feature areas
with increasing energy density. These five feature areas can be divided into a strong balling zone,
a balling zone, a transition zone, a forming zone and an evaporation zone. Balling refers to some
spherical particles existing on the surface of the SLMed sample. There are many mechanisms affecting
spheroidization. Severe spheroidization is closely related to the powder characteristics, laser energy
density, scanning strategy, wettability between powders, and the Marangoni effect, and there have
been many conclusions about spheroidization [16,47–49]. The following summarizes how to control
the occurrence of spheroidization from the process point of view and the relationship between the
types of spheroidization, pores and other defects and process parameters.

A series of balling particles agglomerate to form a large molten pool of solid–liquid phase or
near-liquid phase. The lack of wettability between the molten pool and the previous layer causes a
balling effect [19]. The formation of magnesium alloy in the SLM process of each region is summarized
hereafter, and the forming characteristics of the SLMed magnesium alloy are shown in Figure 2.

Strong balling zone: SLM forming in the range of high scanning speeds or low laser powers (low
energy density), which is characterized by insufficient heating of the magnesium alloy powder, and the
temperature of some powders does not reach the melting point temperature and fails to completely
melt [26]. Taking AZ61 as an example, when the scanning speed is as high as 1000–1800 mm/s, in fact,
the forming is in a solid–liquid state and there is poor bonding between the powder particles, so the
sample has a powder accumulation structure without any mechanical strength at this processing
parameters; moreover, some samples have a loose metal structure [32]. Balling is a complex metallurgical
process that is caused by the instability of the molten pool and the Marangoni effect. The surface
characteristics are shown in Table 3 and Figure 2a,e. Liu et al. [28], under an optical microscope,
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revealed that the pore (size greater than 100 μm) shape of the sample surface in the strong balling
area was mostly meniscus-shaped [50]. A similar phenomenon was also found in the preparation of
SLMed ZK60 magnesium alloy [27]. At a high speed of 900 mm/s (low energy density), the surface of
the magnesium alloy was covered with irregularly shaped pores due to incomplete powder melting,
the relative density decreased significantly to 82.25%, and the evaporation was very weak in this
region. In addition, too high a scanning speed will cause pores on rough surfaces [30]. A significant
heat-affected zone (HAZ) also formed during the orbital melting process. The HAZ was formed
by partial melting of particles due to thermal conduction from the center of the molten pool to the
adjacent powder. Low energy density also means that the scanning speed was too fast or the laser
power was too low. If the scanning speed is too fast, due to the low density and chemical activity of
magnesium, more powder is blown upwards and oxidized to form black fog (MgO), contaminating
the mold cavity [33]. Balling also occurs at very low scanning speeds because the liquid surface energy
and liquid lifetime are reduced in a short length range [51]. Balling occurs due to thermal stress and
weak interlayer bonding, resulting in surface deterioration. Therefore, the scanning speed cannot be
too high to ensure sufficient energy input.

Figure 2. Forming characteristics of SLM magnesium alloy. When the scanning speed is 1400 mm/s,
900 mm/s, 550 mm/s and 250 mm/s respectively, the hatch spacing is 0.06 mm (a–d); hatch spacing of
0.08 mm, (e–h); and hatch spacing of 0.1 mm, (i–l). Reproduction from [28], with permission from
Elsevier (Amsterdam, The Netherlands), 2020.

Balling zone: Compared with the strong balling zone, this zone has decreased scanning speeds
(800–950 mm/s) or increased laser power (increased energy density to 50–78.13 J/mm3). Due to the
decrease in scanning speed, the interaction time between powder and laser is prolonged, and the
temperature of some particles is higher than the melting point, which causes the powder to partially
melt. In this case, adjacent particles are sintered together due to the formation of a small amount
of liquid [37]; however, the balling zone is still in a liquid–solid state. For SLMed AZ91, the energy
density in this range was 66–77 J/mm3, and the molten pool with a smaller circumference was unstable
under relatively low energy input [26]. At the same time, the balling particles tended to grow along the
direction of the scanning trajectory, which was attributed to the melting track breaking up into discrete
droplets [52]. Therefore, the balling particles parallel to the scanning direction together with the large
amount of unmelted powder induced more severe surface deformation (Figure 2f). The number of
defects decreased when the scanning speed and hatch spacing decreased (i.e., the energy density Ev

increased), because the wettability between the powder and the substrate improved and the balling
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effect weakened. The decreased scanning speeds (increased energy density) caused the powder to be
sufficiently heated and melted, and the adjacent scanning tracks overlapped, thereby reducing the
internal pore size. In addition to the reduction in the internal pore size, the surface pore size was also
reduced with the decreased scanning speeds [30]. It is note that the size of the pores was also related to
the vertical height of the sample, and the size of the pores increased with increasing printing height [18].
The cause of this phenomenon is still related to energy. Based on the characteristics of the layered
manufacturing technology, the thin layer produced by the initial printing layer directly contacts the
substrate and melts rapidly. As the number of printing layers increases, the heat transferred from
the substrate to the powder decreases, and the pore diameter increases. This phenomenon is caused
by the energy input being too low, causing the powder to incompletely melt, thereby forming pores.
In addition, the adjustment of energy input is achieved by adjusting process parameters. Therefore,
the key to controlling the forming quality is to adjust the optimal scanning speed and laser power to
provide suitable forming energy density for magnesium alloy.

Transition zone: In this zone, for the AZ61, the scanning speed further decreased (550–750 mm/s).
A “hill” formed between the scanning trajectories, which was composed of a series of “melt beads”
instead of a completely continuous melting track [34]. Under the effect of decreased scanning speeds,
energy input increased, so the instantaneous temperature gradient from the center of the track to the
edge increased, the surface tension decreased, the viscosity of the metal droplets decreased, and the
surface “melt beads” (ball-shaped particles) were linked together under a smoother flow, which
resulted in the formation of scanning trajectories at the “hill” and “valley” positions (Figure 2d,k).
Hence, the morphology of the location of the “hill” part was affected by the processing parameters.
However, for the Mg-9Al alloy, due to the high scanning speed, even if the laser power is reduced
below 30 W (the energy density is small), the forming quality cannot be optimal.

Forming zone: In this region, the powder completely melted into a liquid phase under sufficient
and suitable processing parameters (scanning speed of 250–500 mm/s) (Figure 2i). For AZ series
magnesium alloys, as the scanning speed decreases, the forming quality becomes better. For Mg-9Al
alloy, the laser power is reduced to a lower level (10–20 W), and the best sample can be obtained
by adjusting the scanning speed. The temperature of the liquid phase was a certain level above the
liquidus temperature. Then, the liquid phase rapidly diffused and solidified, and the melted powders
were well combined to form a continuous and smooth trajectory [37]. As the scanning speed decreases
or the laser power increases, the interaction time between the powder and the laser increases, and
the heat received per unit time increases. Therefore, the energy density in this region increased the
temperature of the powder bed and reduced the viscosity of the melt pool, so the molten part can
be spread in the layer, thereby promoting more effective densification of the solid powder particles.
However, distortion of scanning trajectories caused by flocculated deposition and metal powder
evaporation can still be found on some sample surfaces [26].

Evaporation zone: As the laser power continued to increase or the scanning speed continued to
decrease, the energy input became excessive and increased the temperature of the molten pool, causing
the molten alloy system to reach the temperature of the vapor line, resulting in the evaporation of some
alloy components. For Mg-9Al alloy, when the laser power is higher than 60 W, even if the scanning
speed increases (~1000 mm/s), the evaporation phenomenon cannot be avoided. Magnesium has a
low boiling point (1093 ◦C) and a high vapor pressure, and the magnesium component was severely
evaporated during the forming process when the energy density was too high. This evaporation led to
rapid expansion of the system, which caused a recoil pressure on the molten pool [26]. The molten
pool was blown away from the surrounding unmelted powder, and the SLMed magnesium alloy
failed. In the protective gas chamber, MgO powder and fog were formed. At this time, the Mg:Zn ratio
in the sample increased due to evaporation [27]. After each layer of powder was sintered, only an
extremely thin metal layer solidified on the substrate, and the shape was irregular [32]. The excessive
energy input also reduced the viscosity of the molten pool because of the combined effect of excessive
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shrinkage of the melting track and high residual stress. The melting track will completely melt or even
break, resulting in many visible cracks [24] and deformation.

There is a close relationship between the processing parameters (scanning speed and laser power)
and the forming quality of SLMed magnesium alloy samples. The forming characteristics of magnesium
alloys vary with respect to different processing parameters. In addition, the optimal energy density for
suitable forming of magnesium alloy was 83–250 J/mm3. From the above summary, it can be seen that
the effects of laser power and scanning speed should be considered comprehensively in order to obtain
the best quality samples. For magnesium alloys, only changing the laser power or scanning speed
may not be able to obtain the best forming quality, and it is necessary to comprehensively adjust these
two process parameters. However, research on the influence of laser power on SLMed magnesium
alloy forming is still lacking, and needs to be further studied. It can also be seen that there were some
differences in the processing parameters of different grades of magnesium alloys during the SLM
process. The main consideration was how to adjust the scanning speed and laser power to get the
suitable energy density, find the most suitable melting, wetting, spreading, bonding, and solidification
conditions, and finally form a magnesium alloy sample with high relative density and good surface
quality. These issues are discussed in the following sections.

Table 3. Processing parameters and forming quality of SLMed magnesium alloy [26,28,32].

Surface Feature Alloy
Scanning Speed

(mm/s)
Energy Density

(J/mm3)
Unmelted

Powder
Pores Balling

Strong Balling zone

AZ61 1000–1800 35–45 Lots of
Lots of, ~14%, >100 μm,
connected to each other,

a network

Spherical: ~100 μm
Ellipsoidal: 100–300 μm

AZ91 1000 38–58 Lots of Lots of, ~10% Spherical: ~100 μm
Ellipsoidal: ~300 μm

Mg-9Al - - - - -

Balling zone

AZ61 800–950 63–78 Less Less, ~4%, <50 μm, Spherical: <50 μm

AZ91 833 66–77 Lots of Lots of, ~4% Spherical: ~100 μm

Mg-9Al 15–20 W: 160–1000 3–47 - Poor bond neck Powder stacking

Transition zone

AZ61 550–750 83–114 None None Less/scanning tracks

AZ91 - - - - -

Mg-9Al 10 W: 40
15–30 W: 80 63–94 - Loose metal structure -

Forming zone

AZ61 250–500 125–250 None None None

AZ91 333–667 83–167 None None
None/flocculent

depositions,
scanning tracks

Mg-9Al
10 W: 10

15 W: 20–40
20 W: 40

94–250 None None -

Evaporation zone

AZ61 - - - - -

AZ91 ~166 214–429 Fail Fail Fail

Mg-9Al 90–110 W: 0.01–1 ~2750 Fail Fail Fail

3. Properties of SLMed Magnesium Alloy

3.1. Relative Density of SLMed Magnesium Alloy

Relative density is often used as an indicator of the quality of SLMed parts. The relative density is
the ratio of the density obtained by SLM to the theoretical density of the bulk material. The theoretical
density of a material can be calculated from the atomic weight and crystal structure of the material.
Figure 3 summarizes the trend of the relative density of different series of magnesium alloys as a
function of energy density. The relative density ranged from 73 to 99%, and the variation in relative
density under different energy densities was large.

Figure 3 shows that the energy density under the SLM process has an important effect on the
relative density of the magnesium alloy [26–28,30,32,44]. From the perspective of the AZ61, AZ91, ZK
series, Mg-9Al alloys and Mg-Gd-Zn-Zr with increasing energy density, the relative density of the
alloy increased.
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Figure 3. Relationship between energy density and relative density [26–28,30,32,44].

Additionally, Figure 3 shows that in the curve of the relative density of magnesium alloy samples
as a function of energy density, the initial slope of the curve was very high. As the energy density
increased, it generally increased rapidly at first and then tended to flatten or even slightly decrease.
The temperature of the molten pool will change accordingly when the energy density changed [53,54].
The impact of energy density on the relative density of SLMed magnesium alloys can be considered
from two aspects: (1) the macroscale effects of the energy density on the melting of the powder; and (2)
the microscale effects of the energy density on the solid solution of the elements, which affects the
relative density of the SLMed magnesium alloys.

The increase in scanning speed and hatch spacing reduced the peak temperature and temperature
gradient of the melt. When the scanning speed and scanning distance were large (lower energy
density) [55], heat and mass transfer occurred due to surface tension. Generally, higher surface tension
near the edge of the molten pool will pull the molten liquid out of the center of the molten pool,
and cracks occur because adjacent melting tracks cannot overlap. Moreover, as the hatch spacing
increased, the cracks became wider, which directly affects the final relative density of the sample [56].
The high dynamic viscosity of the laser melt pool was considered to be the main reason for the cracks
formed at high scanning speeds (low energy density). The definition of dynamic viscosity is shown in
Equation (2) [30]:

μ =
16
15

√
m
kT
λ (2)

where μ is the dynamic viscosity, λ is the surface tension, k is the Boltzmann constant, m is the atomic
mass, and T is the temperature of the liquid pool. At low energy density Ev (higher scanning speed),
the temperature T in the molten pool was relatively low, and the magnesium alloy molten liquid had a
high dynamic viscosity, which was not conducive to the smooth diffusion of the liquid. Additionally,
incomplete melting resulted in the formation of large balling particles, and the scanning trajectory was
discontinuous. Therefore, it was easy to form pores, and the relative density was low.

As the laser energy density increased, the powder melted more fully, the liquid phase fluidity
improved and penetrates into the voids between the particles, so the pores were dispersed and the
pore size was reduced, forming a relatively smooth surface, and the density of the magnesium alloy
also increased [16].

However, when the hatch spacing was too small, a large amount of molten liquid migrated to the
original scanning trajectory at a higher speed, resulting in the accumulation of molten liquid, which
affected the density of the magnesium. At high energy densities, the molten pool widened, forming a
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temperature gradient in the molten pool, exacerbating the change in surface tension, which caused
balling and solidification at the edge of the molten pool [57].

The relative density is also related to the solid solution of the elements. A study reported that the
relative density increased as the solid solution of Al increased [28]. For the AZ series magnesium alloy,
the change in relative density with respect to energy density was no longer obvious after the relative
density of the material reached approximately 98%. The relative density of the material decreased
when the energy density increased from 100 to 178 J/mm3. The decrease in relative density was also
related to the solid solution of Al. According to the solid solution theory, Al can be dissolved into the
α-Mg matrix as a substitutional atom. During rapid solidification, the solid solution of Al will increase
in the α-Mg matrix due to the solute retention effect [58,59]. At a suitable energy density, the increase
in the melt temperature and the solute retention effect work together to increase the solid solution
of Al in the magnesium alloy matrix. However, if the energy density is further increased, the solid
solution of Al will decrease due to the weakened solute retention effect. The density of Al is 2.7 g/cm3,
which is higher than the density of pure Mg (1.7 g/cm3) [60,61], so the solid solution of Al will increase
the relative density of the sample.

It can be seen that the energy density has an effect on the relative density of the SLMed magnesium
alloy. If the energy density is too low, the powder cannot be fully melted, the system is in a solid–liquid
two-phase state, and the surface tension and viscosity of the liquid increase, resulting in the liquid not
flowing smoothly and agglomerating into spheres. At the same time, pores are formed, which ultimately
results in the sample not being dense. However, the energy density is too high, the powder will
evaporate. Moreover, the solute capture effect is weakened, and the relative density of the sample is
reduced due to the decrease in solid solution elements. Therefore, the preparation of dense magnesium
alloys requires the energy density to be controlled in a suitable range, the solid solution of Al to be
enhanced, and the surface tension to be reduced so that the liquid diffuses at a stable rate and fills the
pores, thereby eliminating pores and spherical particles between the tracks [57].

According to the current research results, for AZ61 and AZ91, the relative density of the alloy
was close to the theoretical density when the energy density was approximately 100–200 J/mm3.
However, the relative density of the ZK series and Mg-9Al alloy was only approximately 75–93% at
this energy density. Consequently, the optimal energy density must be determined for the different
alloy components in the SLM process.

3.2. Microhardness of SLMed Magnesium Alloy

From the perspective of the SLM preparation process, the energy density also has an important
effect on the microhardness of different magnesium alloys, as shown in Figure 4 [26,30,32,33,37,41].

 
Figure 4. (a) Effect of energy density on microhardness; (b) enlarged image of the gray area in
(a) [26,30,32,33,41].
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The enlarged view in Figure 4b shows that the microhardness decreases slightly with increasing
energy input. This phenomenon was mainly attributed to the growth of grain size and the weakening of the
solute capture effect. Figure 5 shows the effect of energy density on grain size. [25,26,28–30,32,37–40,44].

 
Figure 5. Effect of energy density on grain size [25,26,28–30,32,37–40,44].

First, Figure 5 and Table 4 show that the grain size of magnesium alloys of different alloy series
was affected by temperature and increased with increasing energy density. The grain size of SLMed
magnesium alloy was mainly 1–15 μm, and the maximum grain size was 30 μm [26]. Compared with
as-cast samples, the SLMed samples had significantly smaller grains. According to the Hall–Petch
formula, grain refinement can significantly improve microhardness. Conversely, coarsening of the grain
size causes a decrease in microhardness. With the introduction of alloying elements, the grain size of
the SLMed magnesium alloy changed [31,40]. The grain size of magnesium alloys increased as the Dy
content increased, and the microhardness decreased significantly (Figure 6a) [40]. Microhardness is also
affected by microstructure. In the same magnesium sample, the microhardness changed with respect to
the microstructure at different positions [26,29,62]. This phenomenon is due to different locations in the
same sample experiencing different thermal histories. During the SLM process, the microhardness at
the center of the molten pool and the microhardness at the edge zone fluctuated, which was caused by
the refinement of the microstructure at the center of the molten pool compared with the microstructure
of the edge zone [26].

Table 4. Processing parameters and grain size of various SLMed magnesium alloy powders.

Alloy Energy Density (J/mm3) Grain Size (μm)

AZ91 [26] 104–167 1–1.2
WE43 [25] 238 1
ZK60 [30] 420–750 2–8

ZK30-xAl [31] 4004 Al(wt.%): 0–7 21.6 ± 2.6–7.3 ± 1.0
ZK61-xZn [42] 1146 Zn(wt.%): 5–30 1.1–6.1

Mg-9Al [32] 94–250 10–20
Mg [37] 60–120 5–20

Mg-2Ca [38] 1200 5
Mg-xSn [39] 107 Sn(wt.%): 0–7 5–25

Mg-3Zn-xDy [40] 360 Dy(wt.%): 0–5 6.4–18.1
AZ61 [41] 138–208 1.6–2.5

Mg-Gd-Zn-Zr [44] 27–267 1.3 ± 0.4–2.3 ± 1.0
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Second, because of the “solute capture” effect caused by rapid solidification, the solid solution
of the elements in the matrix was enhanced, so the microhardness increased. Al and Zn, as common
alloying elements, were solid-solved into the magnesium alloy matrix. The atomic radii of Al and Zn
are 0.1199 and 0.1187 nm, respectively, which are smaller than that of Mg (0.1333 nm) [63]. Therefore,
lattice distortion will occur when these elements are dissolved into the Mg matrix. The Al concentration
in the SLMed magnesium alloy was much higher than that in the as-cast sample because of the rapid
solidification during SLM. According to the solid solution strengthening theory, higher solid solubility
results in better mechanical strength [26,64]. With increasing energy density, the solid solubility of the
alloying elements increased, and the microhardness of the sample was enhanced by solid solution
strengthening. For Mg-Al alloys, the change in microhardness is directly proportional to the Al content
in α-Mg [65]. In Mg-Zn-Zr alloys [30], the increase in the solid solubility of Zn in α-Mg is also conducive
to increasing hardness. Based on the solid solution strengthening theory, the lattice distortion caused
by the solid solution of Zn limits the dislocation slip in the crystal grains, thereby increasing the
hardness of the SLMed ZK60 [64]. However, if the energy density is further increased, the temperature
of the molten pool will be further increased, the solute trapping effect will be weakened, the solid
solution of alloying elements such as Al and Zn will be reduced [28], and the microhardness will be
slightly reduced (Figure 4a).

Third, the distribution of the second phase plays a crucial role in the microhardness of SLMed
magnesium alloys. Due to the different distribution of intermetallic phases, the microhardness value
of magnesium alloys prepared by SLM fluctuated within a certain range, and the amplitude increased
as the intermetallic phase volume fraction increased, as shown in Figure 6b. As the Dy content
increased, the volume fraction of the Mg-Zn-Dy phase continued to increase, and the dispersed
second phase mainly precipitated at the grain boundaries, inhibiting the movement of the grains,
which enhanced the microhardness of the alloy [40]. The intermetallic compound in Mg-Al alloys is
usually β-Mg17Al12, and its microhardness is different from that of the α-Mg matrix. It can be seen
from the nanoindentation experiments and hardness mapping in Figure 7 that the average hardness of
the second phase β-Mg17Al12 precipitated in the AZ91D magnesium alloy was 174 ± 103 Hv, which
was significantly higher than the average hardness of the matrix (123 ± 13 Hv) [62]. The hardness
of the β-Mg17Al12 phase was reduced to 150 ± 60 Hv by applying selective laser surface melting
(SLSM) treatment to the magnesium alloy, whereas the hardness of the α-Mg phase was maintained
at 126 ± 3 Hv. Although the SLM process reduced the dispersion of the β-Mg17Al12 phase, it did not
change the average hardness of the matrix. This indicates a reduction in element segregation and
residual stress. On the other hand, the β-Mg17Al12 phase was modified by SLSM, which reduced
the hardness and dispersion of the β-Mg17Al12 phase, and the phase distribution of the magnesium
alloy was more uniform and continuous [62]. By introducing 0–7 wt.% Al in ZK30 magnesium alloy,
the average microhardness gradually increased from 59.7 to 75.7 Hv [31]. An intermetallic hard-brittle
β-Mg17Al12 phase was formed after the addition of Al, which was distributed in the soft α-Mg matrix
and acted as a strengthening phase in the alloy [66], resulting in increased strength and microhardness.
In the ZK series magnesium alloy, the second phase was Mg7Zn3 [30]. The Mg7Zn3 phase, which has
high hardness and a uniform distribution, can strengthen the structure by hindering the dislocation
motion between grains.

In addition, the presence of defects also affects microhardness. The porosity generated in the
sample at low energy density and the cracks formed due to residual stress in the sample at high energy
density will result in reduced hardness [37].

In summary, the microhardness of the magnesium alloy was affected by rapid solidification during
the SLM process, which mainly affected the microstructure and the solid solution of the elements.
On the one hand, the significant refinement of the microstructure of magnesium alloys was due to
the rapid solidification, which made the microhardness of the SLMed magnesium alloy significantly
higher than that of the traditional as-cast magnesium alloy. On the other hand, the solute trapping
effect in the SLM process resulted in the solid solution of the alloying elements in the matrix, and the
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different solid solutions of the alloying elements have different strengthening effects. Furthermore,
the distribution and amount of the second phase and the presence of defects will also affect the
microhardness. The hardness of the second phase was generally higher than that of the matrix, and the
microhardness of the magnesium alloy was generally improved by suppressing the dislocation motion
between the grains. As the second phase content decreased, the microhardness distribution of the
material became more uniform.

Figure 6. Relationship between grain size, second phase and microhardness of the magnesium alloy:
(a) grain size and (b) second phase volume fraction. Reproduction from [40], with permission from
Taylor & Francis (London, UK), 2020.

Figure 7. Hardness distribution of the matrix and second phase in AZ91 magnesium alloy. (a) Scanning
electron microscopy (SEM) image of the as-cast samples and (b) corresponding nanoindentation
hardness mapping. (c) SEM image of the SLSM samples and (d) corresponding hardness mapping.
Reproduction from [62], with permission from Elsevier, 2020.

3.3. Mechanical Properties of SLMed Magnesium Alloy

Due to their lightweight characteristics, magnesium alloys can reduce fuel costs, and the total life
cycle cost of Mg parts is lower than that of parts made of other materials [67]. Therefore, magnesium
alloys are widely used in the automotive and aerospace fields. Weight reduction not only saves energy
but also reduces greenhouse gas emissions. Reducing the weight of a car by a certain amount will
result in a similar improvement in fuel economy [68]. Magnesium alloy parts can usually be used in
engines, seat frames, gearboxes, etc. Good strength, ductility and castability are prerequisites for the
use of magnesium alloys. However, there are few studies on the mechanical properties of SLMed
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magnesium alloys, and the amount of experimental data available for reference is limited. According to
the existing research, the strength of SLMed magnesium alloys is significantly higher than that of
as-cast magnesium [26,28,69] without losing plasticity [25,26,28].

As shown in Figure 8 and Table 5, when the scanning speed was 333–800 mm/s, and energy density
was 104–167 J/mm3, the ultimate tensile strength (UTS) and yield strength (YS) of the SLMed AZ91
magnesium alloy reached 296–330 MPa and 254–264 MPa, respectively. The UTS and YS of SLMed
AZ91 were approximately 30% and 50% higher than those of as-cast AZ91 magnesium alloys [25,26],
but the elongation of the SLMed samples (1.24–1.83%) was approximately 40% lower than that of as-cast
samples (3%), as shown in Figure 9. The AZ61 magnesium alloy prepared by SLM also exhibited the
same trend. When the energy density was 156 J/mm3, the UTS and YS reached 287 MPa and 233 MPa,
respectively, which was 93% and 135% higher than those values in the as-cast AZ61 magnesium
alloy [69]. However, the elongation was 3.28–2.14%, which was lower than the elongation of the
as-cast AZ61 (5.2%). The increase in strength was the result of grain refinement and solid solution
strengthening. First, on account of the nature of the SLM process, melting and solidification at a
smaller size resulted in fast solidification, which made the microstructure of the entire part more
uniform. For the magnesium alloy forming process, segregation of alloying elements occurred on a
much smaller scale. The chemical composition of the whole part was more uniform, and the amount
of solid solution elements increased, so the strength of the SLMed parts was higher than that of the
as-cast parts [70]. Second, Figure 3 shows that the grain size of the SLMed magnesium alloy was
significantly refined. The as-cast grain size was usually 200–300 μm [71,72], whereas the grain size
after SLM treatment was mostly 1–15 μm, and the average grain size of the AZ series magnesium
alloy was approximately 2 μm. According to the Hall–Petch formula, the grains were refined, and the
strength of the material was improved. The difference in the strength between different SLMed samples
was mainly due to the different SLM process conditions, which led to deviations in density and
microstructure, such as defects, structure and grain size [73]. Wei et al. [26] found that at different
energy densities, the strength of magnesium alloys increased slightly with increasing energy density.
The UTS and YS of the SLMed AZ91 magnesium alloy increased from 274 MPa and 237 MPa (83 J/mm3)
to 296 MPa and 254 MPa (167 J/mm3), respectively. In fact, compared to the energy density, the laser
power and scanning speed (linear energy density) are the main factors that change the characteristics
of the melt pool, leading to significant changes in the microstructure and mechanical behavior of
the manufactured samples. Therefore, it is necessary to combine these two process parameters for
comprehensive analysis. When the scanning speed increases or the laser power decreases (low energy
density), the interaction time between the laser and the powder is shortened, the heat accumulation
in the molten pool is less and the temperature gradient is smaller, and the crystal grains do not have
enough time to grow, which is conducive to grain refinement. As the cooling rate is faster, the higher
the cooling rate during solidification, the shorter the time available for grain coarsening. In terms
of solid solution elements, the cooling rate of the molten pool is faster at higher scanning speeds,
and the solid solution elements in the matrix solidify before they can completely diffuse, resulting
in an increase in the solid solution elements in the matrix, achieving the purpose of solid solution
strengthening. However, it is still necessary to pay attention to the problem of pores caused by too high
scanning speed or too low laser power, which results in the powder being unable to be fully heated
and melted. The influence of laser power and scanning speed on microstructure will be discussed in
detail in subsequent chapters. An analysis of the fracture behavior of SLMed parts showed that SLMed
AZ91 exhibited mixed ductile–brittle fracture. The ultimate compressive strength (UCS) and elastic
modulus of SLMed Mg-Ca alloys also increased with increasing laser power (energy density) [38].
This phenomenon was mainly due to the different porosities under different energy inputs. With the
increase in laser power, the porosity decreased, resulting in an increase in the UCS, elastic modulus,
and plasticity of the porous Mg-Ca alloy.
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Table 5. Summary of the processing parameters and properties achieved for various SLMed magnesium
alloy powders [26,28,32].

Alloy
Laser Power

(W)
Scanning Speed

(mm/s)
Energy Density

(J/mm3)
UTS (MPa) YS (MPa) EL (%)

AZ91 [26] 200 333–667 83–167 274 ± 7–296 ± 3 227 ± 3–254 ± 4 1.2 ± 0.1–1.8 ± 0.2
AZ91 [25] 100 800 104 329 160 1.8 ± 0.2
AZ61 [28] 150 300–450 138–208 239 ± 3–296 ± 2 217 ± 3–233 ± 2 3.1 ± 0.1

Mg-2Ca [38] 50–100 10 625–1125 5-46 (UCS horizontal)
51-111 (UCS longitudinal) - -

Figure 8. Effect of energy density on strength [26,28,38].

Figure 9. Effect of energy density on elongation [25,26,28].

It was also found that the mechanical properties of magnesium alloys were different in different
directions, indicating that the alloy had significant anisotropy [38]. However, the elastic modulus under
longitudinal compression and the UCS did not change much when the energy density increased from
875 to 1125 J/mm3. The longitudinal stress–strain curve at 1125 J/mm3 had a larger yield platform than
the other curves. This variation should mainly be ascribed to the different porosities at different energy
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inputs and the different distribution modes of the pores under transverse compression and longitudinal
compression. The distribution of pores also made the longitudinally compressed skeleton part denser
than the laterally compressed skeleton part. Therefore, the longitudinal mechanical properties were
better than the transverse mechanical properties. The existence of pores caused stress concentrations,
which greatly reduced the mechanical properties of the magnesium alloy; the mechanical properties
increased with decreasing porosity. Consequently, the pore size of the porous Mg-Ca alloy can be
adjusted by adjusting the laser parameters or energy density, thereby reducing the porosity and
ultimately improving the mechanical properties of the porous material.

The fracture morphology of the SLMed magnesium alloy showed that there were obvious cleavage
planes around the reserved pores of the porous Mg-Ca alloy, indicating cleavage fracture [38]. River
morphology and dimples can be observed on the fracture surface inside the pores of the porous Mg-Ca
alloy. The number of longitudinally compressed dimples was significantly greater than the number
of transversely compressed dimples. These dimples indicate a certain degree of plastic deformation
before fracture, and the plasticity under longitudinal compression was better than that under transverse
compression. As the laser power increased, the number and size of dimples increased. This finding
indicates that as the energy input increased, the plasticity of the porous Mg-Ca alloy increased. This is
because under the increased laser power, the powder receives more sufficient energy per unit time
to melt the powder and combine with each other, so the reduction of macroscopic defects leads
to an increase in plasticity. In conclusion, the SLMed porous magnesium alloys exhibited a mixed
brittle–ductile fracture.

Nevertheless, the elongation of SLMed magnesium alloy is usually low (Figure 9), which may
be related to the presence of micropores in the part and the presence and distribution of the second
phase. Fractures mostly occur in areas with high porosity. Moreover, for the AZ series magnesium
alloy, the research in [28] showed that the existence and distribution of the β-Mg17Al12 phase had a
substantial influence on the plasticity. The α-Mg matrix is relatively soft, and its crystal structure is a
close-packed hexagonal structure. The brittle and hard β-Mg17Al12 phase has a cubic crystal structure.
The β-Mg17Al12 phase in magnesium alloys prepared by SLM usually precipitates along the grain
boundaries and is connected to form a network. The crystal structures of the α-Mg and β-Mg17Al12

phases are incompatible, leading to brittleness of the phase interface (α-Mg/β-Mg17Al12); moreover,
due to the formation of high dislocation density and stress concentrations at the interface of α-Mg
and β-Mg17Al12 [74], cracks nucleated and propagated along the phase interface [75–77]. As shown in
Figure 10, the second phase precipitated along the grain boundaries, and the cracks were generated at
the interface between the two phases.

 
Figure 10. Optical microscopy fractographs showing that the microcracks were prone to initiate near
the Mg/Mg17Al12 interface and the grain boundaries: (a) the rear part; (b) the middle part; (c) the
impact part. Reproduction from [75], with permission from Elsevier, 2020.

A side-view of the fracture morphology also confirmed the limitation of the β phase on plasticity.
The existence of pores and cracks in the fracture and the second phase at the bottom of the dimple
verified the effect of defects and the β phase on plasticity. Furthermore, some fine grains and large
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grain boundaries formed by small equiaxed grains were observed, for which the fracture occurred
along the crystal. This fracture morphology has also been reported in magnesium alloys prepared by
other methods [78,79]. After the grains were refined, the stress was dispersed.

During the deformation process, α-Mg grains first undergo plastic deformation, but the
deformation is hindered when they encounter the second phase at the grain boundaries, resulting in
incomplete deformation and fracture. A similar situation exists in laser-welded Mg alloys, wherein
the fracture strain reduced from 13.6 to 3.3% due to the higher number of intermetallic precipitates
causing embrittlement of the fusion zone [17]. Therefore, to obtain good plasticity in the Mg-Al alloy,
the precipitation of Mg17Al12 should be restricted. It is possible to improve the solidification rate
by improving the process parameters or by applying post-treatment methods such as solution heat
treatment to increase the solid solution of Al, thereby reducing the formation of Mg17Al12 at the grain
boundaries. Studies have shown that the elongation of Mg alloys is closely related to the content of
Mg17Al12. When the proportion of Mg17Al12 increases to approximately 9%, the ductility decreases [80].
However, under the condition of ensuring the quality of sample forming, higher scanning speed
and lower laser power can produce a faster cooling rate, thereby inhibiting the occurrence of phase
transition and reducing the precipitation of the second phase along the grain boundary. This part of
the content will be in-depth analysis combined with the phase diagram in Section 5.

At present, there is no related research on the effect of heat treatment on the mechanical properties
of SLMed magnesium alloys. This is an issue worthy of further exploration in the future. Hot isostatic
pressing (HIP) can reduce the number of pores and decrease the anisotropy of the material [81], which
has an impact on mechanical properties. In addition, plasticity can be improved by introducing
different alloying elements. The literature [82] showed that solute Nd had a significant softening effect
on the nucleation critical resolve shear stress (CRSS) of the cone <c + a> slip. When designing a high
ductility magnesium alloy, from the perspective of reducing the strength difference between the soft
deformation mode and hard deformation mode, the important factors that must be account for include
the alloying elements, the solute concentration, and the predeformation strain.

3.4. Corrosion

As a lightweight material, magnesium is widely used for structural materials in various
applications, including the automotive and aerospace fields, due to its low density, good heat dissipation,
damping and electromagnetic shielding properties. In the biomedical field, osteoconductive implant
materials are popular, and the biocompatibility and corrosion resistance of these materials are the
research focus in this area. Recently, magnesium-based alloys have attracted interest as possible
replacements for some of the metallic alloys in use due to the former being lighter and exhibiting a
higher modulus of elasticity [83]. The corrosion behavior of magnesium can be divided into galvanic
corrosion, stress corrosion, biocorrosion, etc.

In moist environments, magnesium and its alloys always form a thin surface film. This natural
outer layer is not dense because its corresponding Pilling–Bedworth ratio is ~0.81, which indicates
that the underlying metal cannot be completely covered. As a result, magnesium and its alloys are
highly susceptible to corrosion. Due to the dissolution of magnesium, a loose film consisting mainly of
Mg(OH)2 is formed on the surface of magnesium alloy. The poor corrosion resistance of magnesium
alloy is mainly caused by the following two reasons. First, the quasipassive hydroxide film formed
on the magnesium surface is much less stable than the passive film on the surface of metals such as
aluminum and stainless steel. Second, internal galvanic corrosion is caused by intermetallic phases or
impurities. Therefore, the improvement of corrosion resistance can also be solved through two aspects.
First, the passivation of the surface film is affected by the alloying elements in the magnesium alloy.
For example, Hara et al. [84] claimed that adding Al to Mg or increasing the Al content in the Mg
matrix can change the composition and structure of the surface film, thereby improving the resistance
of the film to local breakdown. Cai et al. [85] asserted that Zn could effectively improve the surface
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protection film and corrosion resistance of Mg alloys. The effect of alloying elements on corrosion
resistance will be discussed in detail in Section 4.

Second, the corrosion resistance can be improved by reducing impurity elements. Elements
such as Fe, Ni, and Cu are usually present as intermetallic precipitates, which are harmful because of
their low hydrogen overvoltage [86]. The effect of intermetallic compounds on corrosion behavior is
complex. The second phase can serve as both a barrier to prevent corrosion of magnesium alloy and as
a cathode to accelerate corrosion of magnesium alloy. Hence, the corrosion resistance of Mg alloys
is usually related to the type, size and morphology of the intermetallic phase [87,88]. The β phase is
expected to be a barrier when there is a small grain size and relatively large β phase fraction, and more
importantly, when the β phase is in the form of a continuous network along the Mg grain boundaries.
However, microgalvanic corrosion is readily accelerated as the β phase agglomerates and is separately
distributed in the Mg matrix with large grain sizes. It is noted that the decreased cathodic and anodic
reactions of Mg-Al-Mn-Ca alloy produced by the spinning water atomization process (SWAP) were
attributed to the fine dispersion of Al2Ca particles and the supersaturated Al content in the α-Mg
matrix, respectively, resulting in superior corrosion resistance [84]. Therefore, the second phase of the
dispersed distribution is beneficial to improve the corrosion resistance of the magnesium alloy.

In terms of biological corrosion, the key point is that an implant must possess the appropriate
strength for an adequate period of time to allow healing to take place. During this time, the corrosion
rate must be sufficiently slow to not affect the healing process. While it is true that the byproducts
of magnesium corrosion are nontoxic, as the metal corrodes, the pH in the localized area increases,
and this basic environment may impede healing. Similarly, hydrogen gas evolves during the corrosion
process and must be eliminated. When Mg alloy was soaked in an aqueous physiological environment,
the following reactions occurred, as shown in Equations (3)–(5):

Mg (s) + 2H2O (l)→Mg(OH)2 (s) + H2 (g) (3)

Mg (s) + 2Cl− (aq)→MgCl2 + 2e− (4)

Mg(OH)2 (s) + 2Cl− (aq)→MgCl2 + 2OH− (5)

It was reported that the anodic dissolution of magnesium in aqueous solutions occurs concurrently
with cathodic hydrogen evolution and is accompanied by an anomalous phenomenon called the
negative difference effect (NDE), which is characterized by an unexpected increase in the cathodic
hydrogen evolution reaction as the anodic overvoltage increases [89].

Rapid solidification has been identified as an effective method for improving the strength and
corrosion resistance of magnesium alloys used in structural applications or corrosive environments [90].
The rapid solidification during SLM can refine the microstructure and dissolve the second phase.
Moreover, by rapid solidification, the mechanism of corrosion can be changed essentially from pitting
corrosion of Mg-A1 alloys into overall corrosion [91]. Izumi et al. [92] indicated that the change
in cooling rate had a great influence on the corrosion behavior of magnesium alloys. Increasing
the cooling rate can delay the occurrence of filamentous corrosion due to grain refinement and the
formation of a supersaturated single α-Mg phase solid solution in mg alloys. In addition, laser-induced
rapid solidification can also increase the solid solubility of alloying elements, such as manganese
and aluminum, and promote the formation of more protective and self-healing thin films, thereby
limiting the occurrence of local galvanic corrosion. The corrosion resistance of magnesium alloys
prepared by SLM is summarized in Table 2. Shuai et al. [30] studied the corrosion resistance of
SLMed ZK60 magnesium alloy at different energy densities. The results indicated that the hydrogen
volume evolution rates were in the range of 0.006–0.0019 mL·cm−2·h−1 as the laser energy input varied
from 420 J/mm3 to 750 J/mm3. The optimal energy density for corrosion resistance was 600 J/mm3.
The lowest hydrogen evolution volume rate was 0.006 mL·cm−2·h−1. The refined grains, homogenized
microstructure and extended solid solution obtained by rapid solidification contributed to the enhanced
corrosion resistance of the SLMed ZK60 alloy. He et al. [29] investigated the corrosion resistance of
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SLMed AZ61 magnesium alloy when the laser power was 50–90 W. It was reported that the minimum
degradation rate occurred at 80 W, whose values corresponding to 24 and 144 h were approximately
2.4 and 1.2 mm year−1, respectively. This phenomenon occurred due to the elimination of pores and
the refinement of the microstructure. When the laser power was 90 W, the microstructure became
coarse, and the corrosion resistance decreased.

SLM is a process that can effectively improve the corrosion resistance of magnesium alloys, and the
corrosion of magnesium alloys is a complicated process. Therefore, the advantages of the SLM process
should be fully used to develop new magnesium alloys or improved alloys to produce finer grains and
new phases. Furthermore, research should focus on developing more feasible, reliable, maintainable,
and lower-cost protection systems.

3.5. Factors that Affect Performance Defects

3.5.1. Cracking

The existence of cracks in SLMed alloys will affect the subsequent application of the material.
Wang et al. [93] researched the reasons for premature material failure. The premature failure schematic
diagram is shown in Figure 11. This is due to external defects (pores and unmelted particles) that act as
sites for crack initiation. Then, cracks propagated through grain boundaries and/or cellular boundaries
that contain continuous brittle second phases. Therefore, cracks are a problem worthy of attention.
Mg-Zn binary alloy is a kind of Mg alloy that easily cracks during solidification [94]. This could be
explained by the large solidification temperature range, high thermal expansion coefficient, and large
solidification shrinkage of these alloys. For the SLM process, if there is sufficient stress at high laser
energy density, the melt will crack.

 
Figure 11. Schematic diagram of SLMed Ag-Cu-Ge alloy premature failure: (a) low-magnification
SEM image of fracture surface; (b,c) dimples and cleavage features; (d,e) samples after polishing;
(f,g) external defects (pores and unmelted particles); (h,i) internal defects of TEM micrographs;
(j) Schematic illustration depicting crack initiation at external defects and crack propagation along
internal defects. Reproduction from [93], with permission from Nature Publishing Group (London,
UK), 2020.

Shuai et al. [30] found the presence of microcracks in the samples of SLMed ZK60 magnesium
alloy. When high Ev was used, considerable thermal stress was generated and accumulated in the
rapidly solidified SLMed layer. When the thermal stress exceeded a certain threshold, a hot crack
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formed. Wei et al. [43] observed cracks in Mg-Zn binary alloys. The morphology of the SLMed Mg
alloy with different Zn contents is shown in Figure 12.

 
Figure 12. Cracks in SLMed (a) Mg-1Zn, (b) Mg-2Zn, (c) Mg-4Zn, (d) Mg-6Zn, (e) Mg-8Zn,
and (f) Mg-10Zn. Reproduction from [43], with permission from Elsevier, 2020.

When the Zn content was different, the cracks in the Mg-Zn binary system were also different.
The schematic diagram is shown in Figure 13. At a 1 wt.% Zn content, because the Mg7Zn3 eutectic
phase was less abundant and mostly granular, the liquid eutectic phase during the final stage of the
solidification process was discontinuous and low in content. Therefore, the strength of the mushy
zone can resist the solidification shrinkage stress, thereby inhibiting the formation of cracks. As the
Zn content increased, the area fraction of the Mg7Zn3 eutectic phase increased, which means that
in the final stage of SLM pool solidification, the strength of the mushy zone decreased, leading to
the formation of solidification cracks. However, at the same time, the fluidity of the residual liquid
was significantly enhanced in the final stage of solidification. As a consequence, when the content of
Zn was sufficiently high (12 wt.%), the solidification cracks may be backfilled by the residual liquid
during the final stage of solidification, thereby alleviating the cracking tendency. The melting point
and thermal expansion coefficient of aluminum are similar to those of magnesium. A similar situation
usually occurs in SLMed aluminum alloys. The application of 7075 aluminum alloy is limited by
cracking [95,96]. Yuki et al. [95] noted that for 7075 alloy, the optimal silicon content was 5%, which is
conducive to eliminating cracks and improving mechanical properties. If the Si content was insufficient,
the cracks cannot be completely eliminated. In contrast, excessive Si content resulted in brittleness.
Microcracks are commonly attributed to solidification cracking and liquation cracking. The cause of
solidification cracking is a residual thin film of liquid phase between the primary crystallized grains,
and liquation cracking is caused by cyclic heat input, which occurs in multilayer welding and layered
fabrication. The reason for the decrease in strength due to the heat input is mainly due to the eutectic
phase or partial remelting of the component with a lower melting point. These melting points serve
as the starting points for cracking. Generally, the morphology of the top of the sample can be used
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to distinguish the two kinds of cracks. The surface layer is not affected by thermal conduction from
subsequent layers during fabrication; therefore, the solidification structure that is created by single
laser irradiation has been preserved. If cracks appeared on the surface, the influence of the cyclic heat
input was excluded, indicating that the cracks were solidification cracks. If microcracks appeared in
the lower layer, it indicates that the sample were affected by the cyclic heat input, producing fused
cracks. Kimura et al. [97] investigated the relationships between the Si content and the mechanical
properties of Al-Si binary alloy samples fabricated by SLM. They noted that the additions of silicon
enhanced the proof stress and UTS of SLMed samples because the silicon elements enriched the
proportion of the secondary phases, providing compositional reinforcement for the aluminum matrix.
The Si helped eliminate microcracks in the Al alloys. The addition of Si induced the formation of
eutectics with a low melting point and high fluidity, which decreased the crack sensitivity as these
eutectics melted and filled the cracks during the final stage of the solidification process [96]. In addition,
the selection of process parameters was also very important. As the laser power increased, more
low-melting-point eutectic phases melted, which was conducive to the elimination of cracks. In the SLM
process, due to the lack of diffusion during nonequilibrium rapid solidification, the actual liquid and
solid phase temperatures were further reduced [98]. Therefore, during SLM processing of magnesium
alloys, the critical temperature range was larger, and the solidification cracking sensitivity was higher.
The addition of alloying elements can narrow the critical solidification range and alter the melt pool
composition to avoid cracking [96,98,99]. Therefore, future studies should consider introducing other
alloying elements to SLMed Mg-Zn binary alloys to eliminate microcracks. Moreover, it is necessary to
study the parameter windows of different magnesium alloys.

Figure 13. Schematic diagram illustrating the effect of Zn content on the solidification cracking behavior
of the SLMed Mg-Zn alloys. Reproduction from [43], with permission from Elsevier, 2020.
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3.5.2. Oxide Inclusions

It is well known that magnesium is highly susceptible to oxidation; therefore, elaborate protection
from the atmosphere is required [100]. This is achieved using inert gases. Good shielding can avoid
burning or porosity. Studies by Ng, CC, and others have shown that there are a large number of oxides
in SLMed magnesium, and they tend to form between scan traces rather than between layers. It is
also believed that the oxides will form on top of the molten pool, which may slow oxide diffusion,
change the wettability and form a porous structure with weak mechanical properties [35]. Liu et al. [28]
detected the presence of oxygen in both the Mg matrix and the second phase. The oxygen content in
the matrix was 0.58 wt.%, whereas that in the second phase was 0.71 wt.%. Louvis et al. [101] observed
that the formation of oxide films on both solid and liquid metal surfaces resulted in oxide films between
the laser hatches in every layer of the SLMed Al parts; hence, pores were formed where two oxide films
met. For existing oxide films, since the formation of oxide films is completely unavoidable, the SLM
process must break these films, which requires high laser power, in order to produce a completely
dense part. Therefore, to solve the issues pertaining to the unavoidable oxide films, further research on
SLMed Mg should mainly focus on a new method of controlling the oxidation process and destroying
oxide films formed within the components.

The oxygen in the SLM process comes from two sources: the oxygen in the molding chamber and
the oxygen in the magnesium alloy powder. For the oxygen content in the molding chamber, high-purity
protective gas is needed to reduce the presence of oxygen, but it cannot be completely avoided. It is
believed that the oxygen content in the powder will lead to pores and reduce the mechanical properties
of the sample [102–104]. Dong et al. [102] studied two 12CrNi2 alloy steels prepared via laser melting
deposition (LMD) AM: one with high O content (5300 ppm) and the other with lower O content
(280 ppm). Studies show that porous alloy steel was additively manufactured using high-O content
powder. Using low-O content powder prevents gas pore formation in printed steel. Steel mechanical
properties increased when the powder O content decreased [102]. Cao et al. [103] confirmed that
γ-Al2O3 formed on the surfaces of Al powder particles. Oxidation of an as-gas atomized Al powder
prevented the transformation of interparticle boundaries (IPBs) into γ-Al2O3 nanoparticle-containing
grain boundaries in the bulk Al prepared by spark plasma sintering and led to the formation of
continuous γ-Al2O3 layers with nanopores at the IPBs, causing a dramatic decrease in the elongation
to fracture. Rao et al. [104] asserted that the desired combination of mechanical properties obtained by
the use of low oxygen content powder showed its potential for exploring the near net shape advantage
of HIP technology for alloy 718 components. In terms of oxygen content control, producing a vacuum
in the molding chamber and adopting a powder purification process [12] can be considered. Please
note that the presence of oxygen generally leads to the formation of inclusions, which degrade the
properties of the material. However, it has also been reported that the introduction of ordered oxygen
complexes enhances the plasticity and strength of high-entropy alloys [105]. Therefore, the effect of
oxygen on magnesium alloys prepared by SLM and the control of oxygen content in a suitable range
still require further research.

3.5.3. Other Factors

There are many other factors affecting the properties of SLMed alloys, such as alloying element
loss [26,27], porosity [38,41], and spheroidization [47–49]. These factors, which are discussed in the
previous sections, are related to each other. For instance, the consumption of alloying elements
will lead to the instability of the scanning track and the high porosity of laser-machined parts [106].
The occurrence of spheroidization is generally accompanied by the appearance of pores [28]. At present,
there are no scientific measures to avoid the loss of magnesium alloy during SLM processing.
The dominant mechanisms for pore formation during SLM processing of Mg alloys need to be
thoroughly investigated. There is no clear relationship between the porosity type and the SLM process
parameters. Much work remains to be done in these areas.
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4. Effect of Alloying Elements on the Properties of SLMed Magnesium Alloy

Rapid laser melting is an effective way to improve the corrosion resistance of magnesium alloys.
The rapid heating and cooling characteristics of laser processing can shorten the processing time to
seconds or milliseconds, which is conducive to the refinement of grain size. Grain refinement is the
key to improving corrosion resistance [39]. In addition, rapid laser melting can reduce composition
segregation, which creates conditions for improving the overall performance of magnesium alloys
by adding alloying elements. At present, further adding different alloying elements on the basis
of SLM preparation can further optimize the properties of magnesium alloys, thereby obtaining
high-performance magnesium alloys. This research direction has been very popular in the past two
years. The effects of the addition of alloying elements such as Al, Ca, and Sn on the properties of
SLMed magnesium alloys are discussed hereinafter. The number and depth of studies on the effect of
adding alloying elements on SLMed magnesium alloys is still limited.

4.1. Regular Elements

4.1.1. Alloying Element: Al

Al is a solid solution strengthening element that will produce precipitation strengthening at low
temperatures (<393 K) and has a small impact on corrosion resistance. Al has a large solid solubility in
solid Mg, and its ultimate solid solubility is 12.7%. Moreover, with decreasing temperature, the solid
solution of Al decreases significantly, and the solid solubility at room temperature is approximately
2.0%. Aluminum can improve the castability and increase the strength of magnesium alloys. The higher
the aluminum content, the better the corrosion resistance. However, the stress corrosion sensitivity
increases with increasing aluminum content.

The AZ series of Mg alloys is most often used for casted and wrought applications because of its
good castability and good mechanical properties [107,108]. The Al concentrations in the AZ series
promote the formation of theβ-Mg17Al12 phase, and the amount of this phase present in the alloys affects
the deformation texture. High Al concentrations favor the formation of the Mg17Al12 intermediate
phase, which weakens the basal texture by inhibiting twin boundary motion and hindering formability.
Hence, AZ alloys with high Al concentrations are preferred for engineering applications [109].

Aluminum is often used in different magnesium alloys because it has a significant positive
effect on the degradation and mechanical properties of magnesium alloys [110,111]. As an alloying
element, aluminum can improve the mechanical properties of magnesium alloys through solid solution
strengthening and microstructure refinement [112,113]. In addition, Al is an effective reinforcing
element in Mg alloys because it has a significant effect on changing its grain size and intermetallic
phase [114]. The effect of Al on the structure and properties of Mg alloy can be attributed to the
influence of the Al itself and the intermetallic compound β-Mg17Al12 introduced by its addition.

Shuai et al. [31] noted that the grain size and intermetallic phase were the two key factors affecting
the biodegradation behavior of magnesium alloys after the introduction of aluminum. Al (0–7 wt.%)
was introduced into an SLMed Mg-Zn alloy, and the effect of the Al content on the structure and
properties of the SLMed ZK30-xAl magnesium alloy was obtained. The results showed that the grain
size and intermetallic phase volume fraction varied with respect to the amount of Al. As the aluminum
content increased, the grains were refined, and the intermetallic phase volume fraction increased.
When the Al content was less than 3 wt.%, the intermetallic compound β-Mg17Al12 precipitated and
dispersed, and grain refinement was the main factor affecting the degradation behavior. The finer
grains led to an increase in the grain boundary density, the alloy was easily passivated, and the
degradation rate was reduced. The Pilling–Bedworth ratio of Mg is less than 1, which means that its
oxide layer has high compressive stresses, resulting in the formation of cracks [115]. The grain-refined
alloy had a higher grain boundary density, which is beneficial to reduce the compressive stress to
compensate for the mismatch between the oxide/base metal. Therefore, the reduction in the mismatch
can improve the performance of the oxide film, which offers greater protection from the detrimental
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action of chloride ions and improves the degradation rate. The grain size was refined as the Al
content increased further, and β-Mg17Al12 continuously precipitated along the grain boundaries and
formed a network when the Al content increased to 7 wt.%. At this time, the intermetallic phase
β-Mg17Al12 became the main factor affecting the degradation behavior. The larger intermetallic phase
volume fraction caused severe galvanic corrosion and accelerated the corrosion process. Therefore,
the degradation rate increased when the Al content increased to 5–7 wt.%. ZK30-3Al had the lowest
degradation rate (0.17 ± 0.02 mg cm−2 day−1 in Table 2) and the lowest corrosion current. Therefore,
with the introduction of Al, the degree of grain refinement increased and the degradation behavior
improved, but the degradation rate gradually deteriorated when the Al content became excessive.
In terms of mechanical properties, the microhardness of SLMed magnesium alloy increased with
increasing Al content. This phenomenon was mainly caused by grain refinement, solid solution
strengthening, and brittle, hard β-Mg17Al12 phase strengthening. The reasons for this increase was
previously analyzed in detail.

Similarly, we can refer to the influence of alloying elements in the traditional manufacturing
process. Homayun et al. [114] studied the effects of different additions of Al on the microstructure,
mechanical properties, degradation behavior and biocompatibility of as-cast Mg-4Zn-0.2Ca alloy.
Their results showed that to improve the degradation behavior and mechanical properties of the alloy,
the Al content should be controlled below 3 wt.%. The addition of Al increased the tensile strength of
the alloy from 157 to 198 MPa. The mechanical properties of the magnesium alloys were optimal when
the Al content was 3 wt.%. The addition of aluminum had a positive effect on the refinement of the alloy
microstructure. However, an excessive amount of aluminum led to a considerable amount of second
phase β-Mg17Al12 formed at the grain boundaries, which substantially deteriorated the performance of
the alloy. When the Al content exceeded 3 wt.%, the intermetallic compounds at the grain boundaries
of the alloy formed a network, resulting in deterioration of the mechanical properties and accelerated
current corrosion. In fact, although the precipitation of secondary phases in the alloy increased its
corrosion potential, the corrosion resistance of the alloy was significantly reduced. Zhao et al. [116]
surmised that the intermetallic compound (β-Mg17Al12) in AZ91 could be used as a cathode to
accelerate the degradation rate or as a barrier to prevent degradation depending on the volume fraction
and morphology of the second phase. Lu et al. [117] also found that as the intermetallic volume fraction
of ZK30 increased, the degradation resistance decreased. β-Mg17Al12 has an important influence on the
degradation behavior and corrosion resistance of Mg alloys. For Mg-Al alloys, the β-Mg17Al12 phase
was discretely distributed along the grain boundaries, which led to severe galvanic corrosion [118].

In addition, the presence of the β-Mg17Al12 phase will affect the mechanical properties of Mg.
The increase in Al content led to the formation of a considerable amount of β-Mg17Al12 phase
compounds. The cubic crystal structure of β-Mg17Al12 is incompatible with the close-packed hexagonal
structure of Mg alloys. The lack of coherence between the crystal structure of the second phase and
that of the magnesium alloy resulted in the formation and propagation of cracks under tensile stress.
The β-Mg17Al12 phase at the grain boundaries interconnected to form a network, which led to a
significant reduction in elongation and strain [77]. Liu et al. [28] asserted that the reason for the lower
plastic elongation of the SLMed AZ61 magnesium alloy than that of the as-cast sample was due to the
precipitation of the second phase along the grain boundaries. As a result, crack sources were generated
at the interface of the α-Mg and β-Mg17Al12 phases, the plasticity was reduced, and the precipitation
of the second phase increased as the Al content increased [31]. The negative effect of β-Mg17Al12 on
the mechanical properties of alloys has also been reported in other studies [85,112,119]. Therefore,
when introducing Al, attention should be paid to the influence of β-Mg17Al12 on the properties of
SLMed magnesium alloys.

In addition to helping to refine the grains, Al also has a certain effect on the shape of the grains [120].
With the increase in aluminum content in magnesium-based alloys, the grains transformed from
columnar to equiaxed morphologies. Increasing the solute content of Al enhanced the component
undercooling and promoted heterogeneous nucleation during solidification and grain refinement.
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Therefore, the precipitation and distribution of the β-Mg17Al12 phase should also be considered
when Al is introduced to refine the grains during SLM. The amount of Al added should be controlled
within a reasonable range to reduce the precipitation of the second phase β-Mg17Al12 to reduce galvanic
corrosion and intergranular crack growth.

4.1.2. Alloying Element: Ca

Magnesium alloys have poor room temperature plasticity and poor corrosion resistance, which
limits their application and development to a certain extent. Researchers have found that the
introduction of Ca into Mg alloys can significantly improve the plasticity, corrosion resistance and
overall performance of Mg alloys [121–123]. Ca, an alkaline earth metal, is an element that can
notably improve the mechanical properties of Mg-Mn alloys [124]. Ca not only improves the ignition
point and high-temperature oxidation resistance of Mg alloys but also plays an important role in the
grain refinement of Mg alloys [38,123,125]. Ca has a low solubility in Mg of approximately 0.43 at.%
(~0.71 wt.%) at 517 ◦C [126] (radius ratio is greater than 15%). Ca has a strong affinity for Mg, and Ca
can be used as a structural modification element or a dispersed phase to improve the thermal resistance
and the yield limit of the alloy [127]. Adding Ca to Mg alloy can form intermetallic compounds such
as Mg2Ca to strengthen Mg-Al and Mg-Zn alloys [128–130]. A previous study [38] investigated the
properties of SLMed Mg-Ca porous alloys. The grain size of the porous magnesium–calcium alloys was
5–30 μm, which was significantly lower than the grain size of as-cast magnesium alloys (300–500 μm);
in contrast, the grain size of SLMed pure magnesium was 10–20 μm [32]. The microhardness of
the SLMed pure magnesium was between 60 Hv and 68 Hv, which was higher than that of as-cast
pure magnesium. Grain refinement and solid solution strengthening were the main strengthening
mechanisms of Mg-Ca alloys. At an energy density of 1125 J/mm3, the transverse UCS and elastic
modulus reached 45.75 MPa and 0.973 GPa, respectively, and the longitudinal UCS and elastic modulus
reached 111.19 MPa and 1.264 GPa, respectively.

Ca is an essential element in the human body that has no adverse biological effects, so it can also
be used as an alloying element in orthopedic implant materials. Yang et al. [122] reported that the
addition of Ca improved the corrosion behavior of Mg-Al-Mn alloys because the Ca reacted with the
original alloy to form a new second phase as a sacrificial anode. Since CaO and Ca act on Mg alloys in
a similar manner, CaO introduced in Mg alloys will react with Mg and Al to form a fine (Mg, Al)2Ca
phase [131,132]. However, the potential of the (Mg, Al)2Ca phase was lower than that of the Mg17Al12

phase, which led to reduced potential difference and enhanced corrosion resistance [133].
Shuai et al. [118] introduced 0–12 wt.% CaO into SLMed Mg-Al-Zn (AZ61) alloy. Their results

showed that when the content of CaO was less than 6 wt.%, the precipitation of the second phase at the
grain boundaries changed from dispersion to a slender branch-like structure. The introduction of CaO
changed the discrete Mg17Al12 phase into a continuous (Mg, Al)2Ca phase and then to a coarsened
Mg2Ca phase (9–12 wt.% CaO). The β-Mg17Al12 content decreased with the addition of CaO. In the
SLM process, CaO reacted with Mg and Al in Mg-Al alloys, as shown in Equations (6) and (7).

Mg + 2Al + CaO→ Al2Ca +MgO (6)

3Mg + CaO =Mg2Ca +MgO (7)

The formation of the second phase β-Mg17Al12 was suppressed, since reaction (6) consumed
a certain amount of Al, and the formation of the (Mg, Al)2Ca phase was promoted. As shown in
reaction (7), the addition of CaO will oxidize Mg, and the resulting Ca will form Mg2Ca with Mg.
Due to the double consumption of Mg, the formation of the Mg17Al12 phase was also suppressed to a
certain extent.

The corrosion resistance mechanism of Mg alloy after adding different CaO contents is shown
in Figure 14. Different phases and microstructures have different corrosion potentials, resulting in
different corrosion rates. The introduction of CaO transformed the discrete Mg17Al12 phase into a

41



Metals 2020, 10, 1073

continuous (Mg, Al)2Ca phase and then to the coarsened Mg2Ca phase. The distribution of the second
phase in AZ61, AZ61-3CaO and AZ61-6CaO was discontinuous and discrete. At this time, the corrosion
behavior was mainly dominated by galvanic corrosion. In the initial stage, a galvanic couple was
formed between the second phase (cathode) and the α-Mg matrix (anode) due to a potential difference.
α-Mg grains were preferentially dissolved due to their low potential. As the adjacent Mg particles
dissolved, most of the second phase disintegrated. The potential of the (Mg, Al)2Ca phase was lower
than that of the β-Mg17Al12 phase, which reduced the potential difference between the α-Mg and
the second phase, resulting in weakened galvanic corrosion. Hence, AZ61-3CaO and AZ61-6CaO
exhibited better corrosion resistance than AZ61. In AZ61-9CaO Mg alloys, electrochemical corrosion
occurs between (Mg, Al)2Ca and α-Mg grains in the initial stage. Once the exposed α-Mg grains
were corroded, the (Mg, Al)2Ca phase, which is inert to the corrosion solution and has a continuous
network distribution, acted as a barrier layer to prevent further penetration of the corrosion solution.
AZ61-9CaO exhibited better corrosion behavior. For AZ61-12CaO, the Ecorr of Mg2Ca was lower than
that of Mg [134]. The Mg2Ca phase replaced the α-Mg phase as the anode and formed a galvanic
couple with the (Mg, Al)2Ca phase. Mg2Ca dissolved preferentially, leaving voids along the grain
boundaries. When the volume fraction of the Mg2Ca phase was sufficiently high to wrap the α-Mg
grains, the enclosed α-Mg grains would fall off once the surrounding Mg2Ca phase was dissolved,
resulting in an accelerated corrosion rate. The lowest corrosion rate of 0.031 mg cm−2 h−1 was observed
when the CaO content was 9 wt.% [118].

Figure 14. Schematic diagram of the corrosion process of AZ61-CaO. Reproduction from [118],
with permission from Taylor & Francis, 2020.

The influence of Ca on the plasticity of SLMed alloys is still lacking. However, this influence can
be interpreted from the corresponding mechanism in traditional manufacturing processes. In addition
to improving the corrosion resistance of Mg alloys, Ca also has a notable effect on plasticity [135].
The poor formability of magnesium alloys at room temperature limits their wider application.
The deformation of magnesium alloys at room temperature is mainly achieved by {0001} < 1120>
basal slip and {1012} <1011> tension twinning [136,137], whereas the activation of nonbasal slip modes
is generally difficult. Studies have shown that the addition of Ca greatly improves the elongation
of Mg alloys [138–140]. Pan et al. [138] prepared an extruded Mg-1.0Ca (wt.%) binary alloy with
a tensile elongation of 18.0% and a grain size of 2 μm. Zhang et al. [139] found that the extruded
Mg-1.0Zn alloy has an elongation of 16.2% and a grain size of 20–50 μm. The grain size of the extruded
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Mg-1.0Zn-0.2Ca (wt.%) alloy was refined to 5–20 μm after adding Ca, and the elongation increased to
35.5%. The elongation was 119% higher than that of the extruded Mg-1.0Zn alloy. The high ductility of
the Mg-Zn-Ca ternary alloy can be attributed to the texture weakening and grain refinement caused
by the segregation of Ca at the grain boundaries [140]. The high ductility of Mg-Al-Ca ternary alloys
and Mg-Ca binary alloys indicates that Ca may fundamentally change the deformation behavior of
Mg, similar to some rare earth elements. Sandlöbes et al. [141] observed an increase in the activity of
the <c + a> slip system in Mg-1Al-0.1Ca. According to molecular dynamics (MD) calculations and
density functional theory (DFT) calculations, Ca atoms have higher dislocation binding energy and
solid solution strengthening on basal <a> slip than on <c + a> slip, and it is predicted that Ca will
promote the basal-to-prismatic cross-slip in Mg [142,143].

Reference [135] studied the mechanism of Ca addition on the tensile strain of Mg alloys and
specifically analyzed the reason for the increase in plasticity caused by Ca addition. In a tensile test of
extruded Mg-0.47 wt.% Ca alloy, the slip activity in the grains was studied under tensile strains of 1%,
2%, 4%, 8% and 16%. Basal slip was the dominant deformation mechanism in this alloy at all strains,
whereas prismatic and pyramidal I <a> slips became important after 2% strain. According to Schmid
factor analysis, the CRSSs of prismatic slip and pyramidal <a> slip were approximately twice that of
basal slip in this Mg-Ca alloy. The enhancement of nonbasal <a> slip activity improved the ductility of
the material. The enhanced nonbasal <a> slip activity can be interpreted as Ca reducing the energy
barrier for <a> dislocations to cross-slip to nonbasal planes. According to first-principles calculations,
solute Ca atoms will reduce the unstable stacking fault energy of all slip modes. The magnesium
alloy prepared by SLM also suffered from low plasticity, and some SLMed magnesium alloys have
lower plasticity than as-cast magnesium alloys [26,28]. At present, due to the lack of research on the
properties of SLMed Mg alloys containing Ca, the improvement in the plasticity of SLMed magnesium
alloy provided by Ca alloying still needs to be further studied because of its complex mechanism.

4.1.3. Alloying Element: Sn

Sn is an essential trace element in the human body. Sn can promote the growth and development of
the body, break down hemoglobin, and promote tissue growth and wound healing [144]. The chemical
properties of Sn are stable [145]. Several studies have shown that the addition of Sn can improve the
properties of Mg alloys and that the resulting alloy exhibits excellent mechanical properties and good
corrosion resistance, especially when the Sn content is 1 wt.% [145,146]. Zhou et al. [39] investigated
the effect of adding different amounts of Sn on the microstructure and properties of SLMed Mg.
The addition of Sn will form the Mg2Sn phase with Mg. As the Sn content increased, the Mg2Sn
phase hindered the growth of the grains, the grain size decreased from 25 to 5 μm, and the Mg2Sn
phase increased significantly. On the one hand, the reduction of alloying element segregation during
the SLM process and grain refinement slowed the degradation rate. On the other hand, the Mg2Sn
phase accelerated the degradation rate due to galvanic corrosion. Hence, reducing the degradation
rate of SLMed Mg should balance both the grain size and the volume fraction of the Mg2Sn phase.
The degradation rate of the Mg-Sn alloy was slower than that of Mg when the Sn content was less
than 3 wt.%. Grain refinement and segregation reduction were the reasons for this phenomenon.
The degradation rate of the alloy increased with increasing Sn content when the Sn content exceeded
3 wt.%. The main reason was that the second phase Mg2Sn caused severe galvanic corrosion and
accelerated the degradation of Mg. The corrosion resistance of the Mg alloy was significantly improved
when the Sn content was 1 wt.%. In this case, the beneficial effects of grain refinement outweighed the
adverse effects of Mg2Sn on corrosion resistance [39].

In terms of mechanical properties, Mg had the lowest Vickers hardness (37.9 Hv), whereas Mg-7Sn
alloy had the highest Vickers hardness (65.7 Hv) [39]. The hardness of the Mg-Sn alloy increased
with increasing Sn content, which was caused by grain refinement and second phase strengthening.
The rapid solidification characteristics refined the Mg grains. The hardness of Mg2Sn was greater than
that of the Mg phase. Therefore, the strengthening of the second phase was due to the presence of
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the Mg2Sn phase. The discrete Mg2Sn phase precipitated at the grain boundaries, which suppressed
the motion of dislocations and strengthened the Mg alloy. The introduction of Sn improved the
compressive strength of Mg. With increasing Sn content, the compressive strength of the SLMed
Mg-Sn alloy increased to 81 MPa (5 wt.%), and as the Sn content continued to increase, the compressive
strength of the alloy decreased. The improvement in compressive strength mainly came from grain
refinement and Mg2Sn phase strengthening. Excessive Sn content led to an increase in the Mg2Sn
phase. The semicontinuous network of Mg2Sn at the grain boundaries accelerated the initiation
and propagation of cracks at the phase interface, leading to a reduction in compressive strength.
Therefore, the beneficial and harmful effects should be considered comprehensively when introducing
alloying elements

4.1.4. Alloying Element: Zn

Zinc is one of the most abundant nutritionally essential elements in the human body and has basic
safety for biomedical applications [147]. Cai et al. [85] showed that Zn could improve the corrosion
resistance and mechanical properties of Mg alloys. The improvement in mechanical performance for
Mg-Zn alloys with up to 5 wt.% Zn content corresponds to fine grain strengthening, solid solution
strengthening, and second phase strengthening. Polarization tests have shown the beneficial effect of
Zn on the formation of a protective film on the surface of alloys. However, adding Zn to Mg will make
Mg-Zn binary alloys crack easily during solidification [94]. Therefore, the content of Zn should be
controlled within an appropriate range. Yang et al. [148] prepared Mg-Zn alloy by powder metallurgy
and pointed out that Mg-Zn alloy is suitable for the human body when the Zn content does not
exceed 14.5 wt.%. Boehlert [149] studied Mg-Zn alloys containing 0–4.4 wt.% Zn and found that Zn
was a potent grain refiner and strengthener for Mg; moreover, they determined that the optimal Zn
content was 4 wt.%. Wei et al. [43] discussed the effect of 1–12 wt.% Zn content on the densification,
microstructure and mechanical properties of SLMed Mg-Zn binary alloys. Their results showed that
the increase in Zn content had a significantly deteriorating effect on the densification response of the
SLMed Mg-Zn alloys. At 1 wt.% Zn content, near full-density products could be obtained. As the
Zn content (2–10 wt.%) increased, cracks appeared, which severely affected the relative density of
the sample. After the Zn content increased to 12 wt.%, the cracks disappeared, but some micropores
appeared, which affected the relative density and mechanical properties of the sample. The mechanical
properties of the sample were only improved when the Zn content was 1 wt.%, for which the UTS was
148 MPa and the elongation rate was 11%; these values were similar to those of the as-cast Mg. Zhang
et al. [42] asserted that with increasing Zn content, the grain size of SLMed ZK61 magnesium alloy was
refined, but the surface quality decreased. The precipitated phases experienced successive transitions:
MgZn→ MgZn + Mg7Zn3 → Mg7Zn3. With increasing Zn content, the solubility of Zn in the Mg
matrix increased. On the basis of the solid solution strengthening theory, high solid solubility will
induce excellent properties. In addition, the uniform precipitation of the hard and brittle second phase
Mg7Zn3 can also promote the mechanical properties. The homogeneously distributed Mg7Zn3 phase
with higher microhardness could impede the dislocation motion between the grains [150], resulting in
increased microhardness. When different manufacturing processes are adopted, the optimal Zn content
in the Mg alloy is different. However, it is certain that Zn has a beneficial effect on the properties
of SLMed Mg alloys, and the corrosion resistance and mechanical properties of Mg alloys can be
improved by grain refinement, solid solution strengthening and precipitation strengthening. When
introducing Zn, it is necessary to control the content of Zn and reduce the occurrence of cracking.

4.1.5. Other Regular Elements

Currently, the types of alloying elements introduced in SLMed magnesium alloys are still relatively
limited. In traditional manufacturing processes, other alloying elements, such as rare earth elements
and Mn, are also introduced to improve the comprehensive performance of as-cast Mg alloys [151,152].
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By summarizing the influence of these alloying elements on Mg alloys prepared in the traditional
process, more information can be provided for use as a reference for SLMed Mg alloys.

Mg-Mn series alloys are regarded as a new type of Mg alloy that have excellent corrosion
resistance, good creep resistance and low cost. The mechanical properties and corrosion resistance
of Mg alloys were improved after Mn was introduced [151,153]. Mn addition to Mg-9Al-2Sn alloy
led to the formation of Al8(Mn, Fe)5 phases. The formation of Al8(Mn, Fe)5 particles in the interior
of grains was likely the reason for grain refinement, which was stable in size during the solution
treatment. The addition of 0.1 wt.% Mn had an obvious effect on accelerating the aging behavior of
the Mg-9Al-2Sn alloy [151,153]. Adjusting the process parameters can improve the performance of
the SLMed magnesium alloy to a certain extent. However, adjusting the process parameters had a
relatively limited impact on the performance improvement in SLMed magnesium alloys. In addition
to controlling the process conditions, alloying elements must be introduced to further improve the
performance of SLMed magnesium alloys. Therefore, it is necessary to introduce more alloying
elements and expand the SLMed magnesium alloy series. This is also worthy of attention and research
in the future.

In summary, the introduction of alloying elements can play a role in refining the grains and
improving the corrosion resistance. However, the amount of the new second phase generated after
the introduction of different alloying elements will increase with increasing alloying element content
and gradually evolve from discrete precipitation to network precipitation along the grain boundaries,
which causes crack initiation and propagation at the second phase/matrix interface, limiting the
mechanical properties of the SLMed magnesium alloys. A greater number of alloying elements should
be introduced in future research, and additional SLMed magnesium alloy systems should be developed.
Additionally, more precise studies are needed to determine the optimal number of alloying elements
added to SLMed Mg alloys in order to improve corrosion resistance while minimizing the reduction in
mechanical properties.

4.2. Rare Earth Elements

The addition of rare earth elements can reduce the grain size and corrosion current of magnesium
alloys, which slows hydrogen evolution and improves corrosion resistance [154]. In general, high
nucleation rates and low grain growth rates can lead to the formation of fine grains. In addition,
the melting point and the diffusion rate of the atoms may also be related to the grain refining effects
of the rare earth addition. It has also been reported that the addition of rare earth elements can
remarkably improve the mechanical properties of magnesium alloys by solid solution strengthening
and precipitation strengthening [155,156]. Therefore, in the preparation of SLMed magnesium alloy,
rare earth elements can be added to improve performance.

Studies have shown that the rare earth element Dy has an effect on the microstructure and
corrosion resistance of SLMed Mg-Zn alloys [40]. For the alloys containing 1–5 wt.% Dy, the grain
size was significantly refined as the Dy content increased. The main reason for the refinement was
that the Mg-Zn-Dy phase had a higher melting point, which reduced the temperature difference
between the Mg-Zn-Dy phase and the α-Mg phase. In the solidification process, the Mg-Zn-Dy
phase was formed by the diffusion of atoms within a lower range, and precipitates first formed in
the grain boundaries and then α-Mg solidified. Therefore, the microstructure was effectively refined.
Zhang et al. [157] asserted that the addition of rare earth elements reduced the laminar spacing of α-Mg
and that rare earth elements acted as grain refiners. In terms of corrosion resistance, the degradation
rate significantly decreased when the Dy content was 1 wt.%. The lowest average hydrogen evolution
rate was 0.009 mL cm−2 h−1. When Dy increased to 5 wt.%, the hydrogen evolution rate increased to
0.068 mL cm−2 h−1. When the Dy content was excessive, the abundant heterogeneously distributed
Mg-Zn-Dy and MgZn2 phases might serve as a cathode. However, galvanic coupling with the Mg
matrix could accelerate the degradation rate of the alloys. Rare earth elements have a double effect on
the degradation rate of SLMed magnesium alloy. On the one hand, rare earth elements can refine the
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grains of magnesium alloys and reduce element segregation, thereby reducing the degradation rate
of the alloys; on the other hand, a greater amount of the second phase could cause severe galvanic
corrosion, which could accelerate the degradation of the Mg alloys. Therefore, the content of rare earth
elements should be controlled within an appropriate range. The influence of the rare earth element
content and the determination of the optimum rare earth content still need further study.

Due to the lack of literature on the introduction of rare earth elements into SLMed alloys and
their related mechanisms, the research results of the influence of rare earth elements on magnesium
alloys produced by the traditional process can be used for reference. In a traditional preparation,
Li et al. [158] studied the influence of the rare earth elements Sm and La on the microstructure and
mechanical properties of as-cast Mg alloys. The Mg-0.5Zn-0.2Mn-0.2Sm/0.3La-0.4Ca alloy exhibited
good ductility with A (elongation) values of 27.5–30.5%, whereas the Mg-0.5Zn-0.2Mn-0.2Sm-0.3La
alloy exhibited an excellent balance of strength and ductility with an Rp0.2 (UTS) value of 190 MPa,
an Rm (high YS) value of 239 MPa, and an A (elongation) value of 23.9%. After the introduction of Sm
and La, the grains were refined by the segregated atoms at the head of the solid–liquid solidification
and the aggregated particles near the grain boundaries. Moreover, Sm and La helped weaken the
texture, thereby improving the plasticity. The weakened texture with the addition of rare earth
elements was due to the dynamic recrystallization (DRX) and the weakened dynamic recrystallized
(DRXed) texture. Yamasaki et al. [159] studied the influence of Gd on the mechanical properties
of Mg alloys. The Mg-Zn-Gd alloy exhibited high strength (345 MPa) and large elongation (6.9%)
due to the refinement of α-Mg grains and the existence of a highly dispersed hard long-period
ordered (LPO) structural phase. The LPO phase was also found in the Mg-Zn-Y alloy system [160].
The 18R-type long-period stacking (LPS) phase had a higher hardness than the Mg matrix phase.
The most essential characteristic in the microstructures of these Mg-Zn alloys containing rare earth
elements (denoted Mg-Zn-RE alloys hereinafter) was a long-period stacking ordered (LPSO) structural
phase. The mechanical properties and corrosion resistance of Mg-Zn-RE alloys containing the LPSO
phase can be improved by rapid solidification [92]. In the solidification process of Mg alloys, the
change in cooling rate had a great influence on the corrosion behavior of Mg-Zn-Y alloys. The rapid
solidification technology improved the microstructure and electrochemical uniformity of the Mg-Zn-Y
alloys, leading to the passivation of the matrix material. The optimum cooling rate of the Mg-Zn-Y
alloys was 3 × 104 K s−1. The cooling rate was slow, and a large number of LPSO phases were formed
in the casting process, which deteriorated the corrosion resistance. The increase in cooling rate led to a
delay in the occurrence of filamentous corrosion. This was due to the grain refinement in the alloy and
the formation of the supersaturated single α-Mg phase solid solution [92].

To date, most reported biomedical magnesium alloys contain rare earth elements. In the application
of rare earth elements, attention should be paid to the toxic effects of rare earth elements. Rare earth
elements may induce latent toxic and harmful effects on the human body [161,162]. Consequently,
alloying elements must be chosen with careful consideration of the possible toxic effects.

Studies on introducing rare earth elements into SLMed alloys are still lacking. Future studies in
this area can refer to studies on the addition of rare earth elements in magnesium alloys produced by
other forming processes. Combined with the advantages of rapid solidification in the SLM process and
the extension of the alloying system used in the SLMed magnesium alloy, it is necessary to explore
the influence of the content of rare earth elements on the properties of SLMed magnesium alloys and
determine the optimal rare earth element content. However, it is also important to consider the toxicity
of rare earth elements in the biological field.

5. Microstructure of SLMed Magnesium Alloy

Because SLM has the characteristics of rapid solidification, the cooling rate can reach 104–105 K·s−1.
The microstructure varied with respect to variations in the cooling rate. The microstructures in the
as-cast, sub-rapidly solidified, and rapidly solidified (i.e., SLMed) samples can be compared under
different cooling rates.
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Figure 15a,b are optical microscopy and SEM images of the as-cast AZ61 alloy [163]. The as-cast
alloy exhibited a typical dendritic eutectic network structure. The phase composition in the as-cast AZ61
was composed of an α-Mg matrix and a β-Mg17Al12 eutectic phase distributed in grain boundaries and
grains. The average grain size of the as-cast AZ61 alloy was approximately 320 ± 5 μm. Under normal
conditions, the grains were coarse and non-uniform. The microstructure of as-cast AZ91D is shown in
Figure 16a,b. As-cast AZ91 also consisted of an α-Mg solid solution and a β-Mg17Al12 eutectic phase.
As shown in the enlarged micrograph of area A (Figure 16b), some of the divorced eutectic β-Mg17Al12

was surrounded by lamellar eutectic. In the die-cast AZ91D ingot, β precipitates existed in the form of
partially divorced eutectic structures. AZ61 and AZ91D are hypoeutectic magnesium aluminum alloys
with low zinc content. In hypoeutectic Mg-Al alloys, the morphology of the eutectic phase depends on
the cooling rate. A higher cooling rate resulted in a more discrete microstructure [164]. Therefore, the
inherently high cooling rate in the SLM process caused a change in β-Mg17Al12 between the SLMed
part and the as-cast part of Mg alloy. For die-cast samples, most of the Al and Zn were concentrated
in the β-Mg17Al12 phase [165]. The reduction in the Al content in the α-Mg solid solution not only
reduced the effect of solid solution strengthening but also deteriorated the corrosion behavior.

Sub-rapid solidification is a nonequilibrium solidification process with a solidification rate of
103 K/s [69]. The sub-rapidly solidified structure changed considerably from that of the as-cast sample
(Figure 15c). The β-Mg17Al12 phase continuously distributed on the grain boundaries disappeared.
The microstructure was obviously refined and was mainly composed of small equiaxed grains.
The literature noted that as the thickness of the sheet decreased (i.e., the faster the solidification process),
the grain size decreased [72], and a large number of petal-like dendrites appeared in the microstructure.
Owing to the high cooling rate, the dendrite structure was very small, so it was difficult to distinguish
the dendrite arm spacing in the low-magnification metallographic microstructure. Under sub-rapid
solidification, the grain size of the AZ61 magnesium alloy was 13.5 μm, which was much smaller than
that of the as-cast AZ61 magnesium alloy.

The solidification rate of SLM was faster than that of sub-rapid solidification. As shown in
Figure 15d, the SLMed microstructure was more uniform, the α-Mg grains were refined and equiaxed,
and theβ-Mg17Al12 phase precipitated at the grain boundaries. Theα-Mg crystal grains andβ-Mg17Al12

in the SLMed microstructure were more refined than those in the sub-rapidly solidified microstructures.
The grain size in Figure 15d was 2.46 μm (at an energy density of 208 J/mm3). Other studies have also
found the same microstructural characteristics of SLMed magnesium alloys [26,29,30]. Wei et al. [26]
investigated the distribution of Mg and Al in SLMed AZ91D samples. Comparing the SLMed samples
with as-cast AZ91D, the distribution of Mg and Al in the SLMed AZ91D was more uniform, and the
content of Al in the matrix varied with respect to the energy density. This finding demonstrates that the
chemical composition distribution was more uniform under rapid solidification, which is beneficial to
reduce the segregation of the components, and the energy input has an effect on the solid solution [166].

The rapid solidification of SLM mainly affects the generation of the second phase in the alloy.
Cai et al. [167] compared the microstructure and morphology of the second phase β-Mg17Al12 in
the conventional as-cast part and in the part produced under rapid solidification. Compared with
conventional casting, β-Mg17Al12 in the rapidly solidified AZ91 magnesium alloy had smaller and
fewer micropores. The dispersive microporosity will act as crack initiation sites and promote crack
propagation under the application of an external force, causing significant deterioration in tensile
properties. These micropores were mainly formed by solidification shrinkage and dissolved gas.
Liu et al. [28] compared the microstructures under different energy densities under SLM and found
that as the energy density increased, the microstructure changed. When the energy density was low,
the precipitated second phase was dispersed, and the grain size was small (1.61 μm). As the energy
density increased, the second phase gradually precipitated along the grain boundaries, and the grain
size slightly increased. Other studies noted that the solid solution was related to the energy input.
As the energy input increased, the solid solution of the elements exhibited different monotonic or
nonmonotonic changes [28–30]. The solid solution of the elements and the precipitation of the second

47



Metals 2020, 10, 1073

phase were both related to the energy input and solute capture. Therefore, analysis and discussion
need to be combined with the solidification path.

 

Figure 15. Microstructure of AZ61: (a,b) as-cast AZ61. Reproduction from [163], with permission
fromElsevier, 2020. (c) Sub-rapidly solidified AZ61. Reproduction from [72], with permission from
Elsevier, 2020. (d) SLMed AZ61. Reproduction from [28], with permission from Elsevier, 2020.

 
Figure 16. Microstructure of as-cast AZ91. (a) microscope picture; (b) SEM picture. Reproduction
from [26], with permission from Elsevier, 2020.

In Figure 17, the left diagram is the phase diagram of the Mg-Al binary system [168], whereas
the right diagram is the phase diagram of the AZ61 Mg alloy [28]. The addition of Zn obviously had
a greater impact on the Mg-Al binary system phase diagram. Analysis of the equilibrium cooling
process of AZ61 shows that the solidification path of the red line in the figure was L→ L + α-Mg→
α-Mg→ α-Mg + β-Mg17Al12 → α-Mg + β-Mg17Al12 + T.
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Figure 17. Mg-Al alloy equilibrium phase diagram: (a) Mg-Al binary system. Reproduction from [168],
with permission from Elsevier, 2020. (b) AZ61 (1.27% Zn). Reproduction from [28], with permission
from Elsevier, 2020.

Taking the AZ series Mg alloy as an example, the maximum solubility of Al in Mg was 12.7 wt.%
at 437 ◦C during equilibrium solidification, whereas the solubility of Al was only 2 wt.% at room
temperature. The reaction L → α-Mg occurred first under slow cooling. The Al atoms diffused
sufficiently, and the alloy composition in α-Mg gradually became uniform. As the cooling process
progressed, the reaction L → α-Mg ended when the melt temperature dropped to the solid phase
line. Subsequently, the second phase β-Mg17Al12 began to precipitate in the α-Mg solid solution,
and the final solidified products in the equilibrium state were α-Mg solid solution and the second
phase β-Mg17Al12, and there was no eutectic phase. However, SLM is a nonequilibrium process under
rapid solidification, so the final phase composition of the SLMed part was slightly different from the
equilibrium phase diagram. The AZ61 Mg alloy was composed of two phases of α-Mg and β-Mg17Al12

at room temperature during a relatively slow cooling process. At a faster cooling rate (higher scanning
speed and lower laser power), the atoms in the primary α-Mg in the liquid phase did not have time to
diffuse sufficiently. From the principle of solute redistribution, it is known that the solid solution of
Al was continuously enriched at the solidification front, and the residual liquid phase between the
dendrites of the α-Mg reached the eutectic composition in the late solidification period. The two phases
grew independently to form a divorced eutectic structure. As a result, the temperature of the molten
pool was low, and the cooling rate as fast at low energy input (138.89 J/mm3), which is equivalent to
being extremely cold in the α-Mg region. Due to the lack of sufficient diffusion time, Al dissolved
into the matrix. The solid solution of Al in the matrix increased. Hence, the eutectic transformation
process L→ α-Mg + β-Mg17Al12 was suppressed. The precipitation of β-Mg17Al12 was less prominent
at low energy input. In contrast, due to the accumulation of heat and the decrease in the solidification
speed, the solute capture effect was weakened when the energy input was high (156.25–208.33 J/mm3).
Al diffused more fully, the content of solid solution elements decreased with increasing Ev, the eutectic
transformation L→ α-Mg + β-Mg17Al12 occurred, and the crystallinity of β-Mg17Al12 increased.

The change of microstructure (grain shape, size, second phase distribution) is related to the cooling
rate. As expected, various laser parameters resulted in different solidification rates of the molten pool
and thermal cycles, leading to variation in microstructures of the melted zone. In the SLM process,
the combination of scanning speed and laser power is the key to controlling the cooling rate. In addition,
the faster the cooling rate, the finer the microstructure; the lower the cooling rate during solidification,
the longer the time available for grain coarsening. Generally speaking, as the scanning speed decreases
and the laser power increases (that is, the line energy density increases), the accumulation of heat
in the molten pool causes the temperature of the molten pool to rise, the cooling rate slows down,
and the grain size gradually becomes coarser [35]. The increase of the laser power or decrease of the
laser scanning speed led to the coarsening of the grains in the melted zone because the higher laser
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power or slower laser scanning speed provided more driving force for grain boundary movement,
which then promoted the growth of grains. At lower scanning speeds, the prolonged interaction time
between the laser and the powder suppresses the heat dissipation in the molten pool. Therefore, due
to the larger heat accumulation, the epitaxial growth kinetic conditions of the grains are enhanced [16].
Similar results were obtained for pulsed laser samples. When the laser power was low or the scanning
speed was high, the average gain size became small, since decreasing the laser power in effect acts in
the same way as reducing the preheat temperature of the powder when the next pulse hits the base.
The relatively high cooling rate at low laser power or high laser scanning speed restrained the growth
of α-Mg grain during solidification.

As the line energy density increases (low scanning speed and high laser power), the microstructure
follows the evolution of clustered finer dendrites–refined equiaxed grains–coarsened equiaxed
grains [26,28]. The grain size of AZ61 magnesium alloy can be refined to 1.61 μm (Ev = 138.89 J/mm3).
Then, the grains changed to an equiaxed shaped (1.79 μm) with an increase in laser energy input to
156 J/mm3. Further increase in the laser energy input to 178 J/mm3 and 208 J/mm3, equiaxed grains of
2.12 μm and 2.46 μm, respectively [28]. This is due to the decrease in cooling rate caused by changes in
scanning speed and laser power and accumulation of heat in the molten pool. This same reason can
explain the change of the grain size far from the center of the molten pool. The α-Mg grains inside the
molten pool show equiaxed crystal morphologies. On the contrary, with the farther away from the
molten pool, the α-Mg grains show a transformation from equiaxed crystal to columnar crystal and
the grain size increases [38]. The ratio G/R of the temperature gradient (G) and the solidification rate
(R: the propulsion rate of the solidification interface in the normal direction) in the crystal direction of
the pulsed light spot determines the microstructure morphology after solidification. Inside the molten
pool, G is very high, but R tends to 0, so that the value of G/R is high, which causes the solidification
structure to be equiaxed crystal. Further away from the molten pool, G decreases but R gradually
increases, so that the value of G/R gradually decreases. The influence of scanning speed and laser
power on the precipitation of the second phase has been described in detail above.

Consequently, the grain size, the second phase precipitation, and the element solid solution
can be achieved by controlling the process parameters, i.e., controlling the scanning speed and laser
power (energy density). In terms of grain size, by comparing the microstructure of magnesium
alloys at different cooling rates, it can be seen that faster cooling rates are beneficial for refining
the microstructure. From the as-cast state to sub-rapid solidification and rapid solidification (SLM),
the grain size of the magnesium alloy drops from ~320 μm to ~2 μm, which is a change of two orders
of magnitude. Properly increasing the scanning speed and lowering the laser power (i.e., lowering
the energy density) is beneficial for the improvement of the cooling rate and the reduction of heat
accumulation in the molten pool, thereby refining the microstructure. In terms of second phase
precipitation, the increase of the cooling rate is beneficial to suppress the occurrence of the phase
transition L→ α-Mg + β-Mg17Al12 and the precipitation of the second phase is reduced. In addition,
the energy density must be controlled within a suitable range. Too high an energy input will lead
to coarse grains, an increase in element segregation and a decrease in the solid solution. However,
if the laser power is reduced or the scanning speed is increased blindly (too low an energy density),
the powder cannot be fully melted and combined, thus causing serious pores and affecting the sample
quality. Therefore, further research must be performed to more accurately control the solidification
structure by controlling scanning speed or laser power and the effect of the solidification structure on
the defects and mechanical properties of SLMed magnesium alloys.

6. Effect of Heat Treatment on SLMed Magnesium Alloy

6.1. HIP

Some performance breakthroughs have been achieved in SLMed magnesium alloy, but there are
still some problems, such as porosity and low elongation. Defects in the sample can be improved by
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adjusting the process parameters to improve the fusion of the powder. On the other hand, the pores
caused by thermal convection in the molten pool are difficult to remove, requiring the introduction of
post-treatment processes, such as HIP. The mechanism of HIP is to apply temperature and pressure
to the sample at the same time and hold it for a certain time so that the sample is densified during
the pressurization process after heating to eliminate the internal pores. There are some studies on
collapsing the pores of SLMed parts by HIP [169–171].

According to the literature [172], the strength properties of SLMed samples are considerably
inferior to those of the alloy consolidated using HIP technology, suggesting that it is reasonable to
expose the complex-shaped SLMed workpieces to additional HIP treatment. Liu et al. [41] believed
that the plasticity of the SLMed AZ61 magnesium alloy was greatly improved after 3 h of HIP at
450 ◦C and 103 MPa. The results showed that the elongation reached 8.2%, the UTS of the material
remained unchanged, the elongation increased (160% greater than that of the SLMed part without
HIP), and the plasticity was greatly improved. The improvement in plasticity mainly came from the
following two parts: the reduction in the original defects (pores) in the SLMed magnesium alloy and
the solid solution of the second phase β-Mg17Al12. The temperature of the SLMed AZ61 part increased
below the melting point during HIP, the magnesium alloy softened and then gradually densified under
pressure, eventually eliminating the internal pores, and the density was close to 100%. The elongation
was related to the distribution of the second phase. The temperature during HIP was slightly higher
than the solidus temperature. As a result, the second phase dissolved into the matrix, which greatly
reduced the source of cracks at the interface between the β-Mg17Al12 and α-Mg phases. It can be seen
that densification and solution treatment are beneficial to improving the plastic elongation of SLMed
magnesium alloys.

However, HIP can also adversely affect certain mechanical properties of magnesium alloys. The YS
of SLMed magnesium alloys decreased as the grain size increased [41]. Moreover, for SLMed aluminum
alloys, HIP post-treatment can have an adverse effect on grain size [173]. HIP postprocessing can lead
to grain growth in certain coarser grained areas, probably due to a local imbalance between driving
and dragging forces, which corresponds to higher defect density and fewer pinning precipitates.
This is a problem that can be solved by appropriately reducing the temperature or shortening the
holding time. HIP experiments can verify that the second phase solid solution plays a positive role
in improving the plasticity of magnesium alloys. Moreover, the second phase had an impact on the
corrosion resistance [174,175]. HIP is a comprehensive heat treatment process that includes closing
pores and providing internal heat treatment. Magnesium alloys are affected by the combined effects
of temperature, pressure and holding time during HIP, which affect the pores and microstructure.
Therefore, different magnesium alloys require different processing parameters, and there is still a
lack of experimental data to support the selection of appropriate processing parameters. Hence,
more exploration will be needed in order to accurately select the HIP parameters.

6.2. Heat Treatment

Reducing or eliminating the effect of the second phase on the properties of magnesium
alloys can also be achieved by heat treatment and other methods. Common magnesium alloy
heat treatment methods include solid solution heat treatment (T4), aging heat treatment (T5),
and solid solution + aging heat treatment (T6). SLMed magnesium alloy has the problem of poor
plasticity, which can be improved by introducing an appropriate heat treatment process.

In AZ series Mg alloys, the presence of the β-phase influences the corrosion behavior to a great
extent. The machinability of Mg alloys is also influenced by the amount and distribution of the
β-phase. In materials engineering, heat treatment is a promising technique to alter the microstructure
to achieve the desired phases and corresponding volume fractions in order to alter the bulk behavior.
Chowdary et al. [176] noted that heat treatment of AZ91 Mg alloy greatly affected the amount and
distribution of the secondary phase at the grain boundaries and asserted that the machinability of
AZ91 Mg alloys can be improved by developing supersaturated grains and reducing the amount of
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the secondary phase. The corrosion resistance was greatly affected after the heat treatment due to
the supersaturated grains, which promoted a higher corrosion rate [176]. The literature [177] showed
that the elongation increased from 7.4 to 11.2% in an as-cast magnesium alloy after T4 heat treatment.
T4 treatment (solid solution) significantly improved ductility but reduced YS. T6 (solution + aging)
increased the UTS but reduces the YS and ductility.

Wang et al. [177] proposed a new heat treatment idea: solution treatment at 413 ◦C caused the β

phase to dissolve into the matrix. In contrast, the design purpose of Tx is to break the β-Mg17Al12 phase
network, provide better ductility in exchange for a slight decrease in strength, and comprehensively
improve strength and elongation. Treatment at a temperature close to the solvus, typically at 365 ◦C for
just 2 h according to the equilibrium phase diagram, caused the β-Mg17Al12 phase to dissolve partially,
and the β-Mg17Al12 network was effectively broken up. This resulted in a composite structure that,
with the exception of a few primary α-Mg globules, consisted of fine α-grains and the fine remaining
β-Mg17Al12-grains located along the grain boundaries, mainly at the triple grain boundary junctions.
If the heat treatment temperature was set to Tx, rather than T4, T5 or T6, both strength and elongation
can be improved.

In the literature [178], the solution treatment dissolved the β-Mg17Al12 phase and coarsened the
grains. During the aging process, the β-Mg17Al12 phase preferentially and discontinuously precipitated
at the grain boundaries, and then a continuous precipitated phase appeared inside the grains. Both the
strength and the elongation were improved after solution treatment and aging treatment. Annealing
dissolved β-Mg17Al12 and increased the concentration of Al solute in the matrix, which effectively
reduced the damping capacity. Mg17Al12 distributed on the grain boundaries also caused local
intergranular cracking.

Jia et al. [179] performed a solution heat treatment on Mg-Zn alloys. The enhancement of
UTS was due to the solution strength effects of the alloying elements. In addition, Zn dissolving
into the Mg matrix decreased the stacking fault energy of the matrix, which led to a change in the
plastic deformation mechanism. Thus, the solution treatment enhanced the UTS and elongation
simultaneously. The corrosion resistance of the solution-treated samples was superior to that of the
as-cast samples.

It can be seen that heat treatment plays a positive role in improving the strength, plasticity,
and corrosion resistance of magnesium alloys. However, there is still a lack of attention in the
post-treatment of SLMed magnesium alloys. For the inherent defects in SLMed samples, such as pores,
it is necessary to introduce postprocessing steps to eliminate them. Comprehensive improvements in
the mechanical properties and corrosion resistance of SLMed magnesium alloys can be considered
by adding heat treatment. However, it is necessary to further explore the optimal postprocessing
parameters to control the adverse effects of grain size growth on the properties of magnesium alloys to
balance the effects of grain size and microstructure.

7. Outlook

The development of SLM of magnesium alloys has been reviewed, and an extensive analysis of
the available literature on the preparation of metals via SLM has led to the recognition of the influential
process parameters and material properties. At present, the limited processable materials, immature
process conditions and metallurgical defects restrict the development and application of SLMed
magnesium alloys. Some efforts have been made to solve the above problems, such as adding alloy
elements and applying postprocessing. However, the breakthroughs of SLMed magnesium alloys in
these two areas have not been reviewed. Therefore, this article gives an overview of these three issues.
In this paper, the process parameters, alloying elements, microstructure, properties, and postprocessing
steps were systematically summarized. For the purpose of high efficiency, high quality, low cost, and
more stable use of SLM to prepare high-performance magnesium alloys, scholars have carried out
research on process parameters, alloying elements, and post-treatment steps. Although some progress
has been made in terms of the relative density, mechanical properties, and corrosion resistance of
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magnesium alloys, the literature is still limited to unsystematic performance studies of a few types of
magnesium alloys. Hence, current SLMed parts are produced under suboptimal process conditions,
wherein it is difficult to control metallurgical defects.

In the future, there are still several issues that need attention in the manufacturing of magnesium
alloys via SLM.

First of all, in view of the lack of processable materials, in order to expand more processable SLMed
magnesium alloy materials and improve the problem of limited processable materials, we reviewed
the progress of SLMed magnesium alloys in the addition of alloying elements, but there are still two
problems in this area: the types of added alloying elements are limited, and the research of the addition
of alloying elements needs to be in-depth. At present, most studies on SLM fabrication of magnesium
alloys focus on the influence of process parameters and simple alloying elements on the microstructure
and properties of binary alloys. Aside from research on Mg-Al-Zn alloys, Mg-Zn-Zr alloys, and Mg-Zn
alloys, few studies have been reported on other as-cast Mg alloys and wrought Mg alloys, especially the
high-strength and highly corrosion-resistant Mg alloys that are in great demand in the aerospace field
(e.g., Mg-Mn alloys). We also combined the relevant research on the mature alloy element addition
route in the traditional process to provide a reference for the alloy design of SLMed magnesium alloys,
such as Mn and Ca, and the addition of these elements in SLMed magnesium alloys has rarely been
reported. Therefore, there is a need to broaden the scope of the applicable magnesium alloys for SLM
and design new materials whose compositions are suitable for the process characteristics of laser AM.
In addition, post-treatment can also be applied to improve the machinability of magnesium alloys
in the SLM process. We reviewed the current research progress in the postprocessing part, and the
results showed that the post-processing can effectively improve the properties of SLM magnesium
alloys, especially to improve the plasticity, but there are few studies at present, which is an area that
needs to be further studied in the future. Traditional preparation techniques of magnesium alloys are
also evaluated and related to the SLM process with a view to gaining useful insights especially with
respect to postprocessing.

Second, in view of the immature process conditions, we comprehensively reviewed the new
progress of different magnesium alloy materials in SLM process conditions and forming, and combined
process conditions with relative density, grain size, microstructure, mechanical properties, and corrosion
resistance. In the review of microstructure, the microstructure under different preparation processes
(different cooling rates) was compared longitudinally, and the microstructure under different process
conditions in the SLM process was also compared horizontally. In addition, it is different from the
previous reviews of SLMed magnesium alloy.

Third, in terms of metallurgical defects, defects such as oxidation and cracks are reviewed.
Research on cracks has made progress recently, but there is lack of review of the latest research on
cracks. Cracks are a serious defect that limits the application of magnesium alloys and leads to
premature failure of materials. Therefore, it is necessary to review the research progress of SLMed
magnesium alloy cracks. It is well known that the application of SLMed Al alloy has been limited by
cracks, so the paper combines the research progress of SLMed Al alloys on cracks to provide more
references for the research of SLMed magnesium alloy cracks. In terms of oxidation, inspired by the
purity of molten steel, this review not only looks forward to the development of SLMed magnesium
alloys from the perspective of materials and processing, but also considers the future improvement
direction of SLMed magnesium alloys from a new perspective—a metallurgical perspective. In addition,
this was mentioned in the previous review of SLMed magnesium alloys. In research on steel materials,
the harmful effect of nonmetallic inclusions on steel properties has been widely recognized [180,181].
For bearing steel, the deoxidation and purification of liquid steel has always been the focus of attention.
Research has found that when the total oxygen content in molten steel is reduced from 0.0026 to 0.001%,
the fatigue life of bearing steel is increased by a factor of 10, and when the total oxygen content is
reduced from 0.001 to 0.0004%, the fatigue life is increased by an additional factor of 10. Therefore,
to improve the performance of steel materials, it is important is to minimize both the dissolved oxygen
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in liquid steel and the content of oxide inclusions generated during the solidification process [182,183].
There have been many studies on the harmful effects of high oxygen content on material properties
in powder metallurgy, such as 718 alloy [104], Al alloy [103], and titanium alloy [184]. Due to the
highly oxyphilic nature of magnesium, the oxygen inevitably enters the magnesium alloy base metal
and the magnesium alloy powder during the preparation process. However, the amount of oxygen
entering the alloy system at various stages, the size and number of oxide inclusions formed in the alloy,
and the mechanism of the influence of inclusions on the alloy—especially the influence of inclusions
in the performance of magnesium alloys—have rarely been studied. Currently available research is
limited to the understanding of the oxide film in the SLM process. It was found that the oxide film is
usually located at the top of the molten pool, and the oxide film on the surface will affect the wettability,
thereby weakening the interlayer bonding and resulting in the formation of defects. Improving the
oxidation also means reducing the defects in the material. It was found that the use of a high-power
laser could break the oxide film on the surface, but this increased the burning loss of alloying elements,
and balancing the contradiction between these two aspects is a new topic. From the perspective of the
preparation process of magnesium alloys, the oxygen that can enter into the alloy mainly comes from
the mold cavity and the powder preparation process as well as the smelting of the magnesium base
material. Future studies should focus on methods to inhibit the entry of oxygen in these processes and
the mechanism of the influence of a small amount of oxygen on SLMed magnesium alloy materials.

In the future, the physical and chemical reactions in the SLMed magnesium alloy process
need to be studied theoretically, especially the thermodynamics and kinetics of the formation of
intermetallic compounds. For example, the thermodynamic calculation of the enthalpy of fusion of
SLMed magnesium alloys with different compositions can theoretically determine the energy required
for the magnesium alloy powder of a specific composition, which provides a theoretical basis for
setting the laser power for actual experimental production (i.e., this approach can help ensure that the
powder is melted under the optimal energy setting). In terms of dynamics research, it is necessary
to establish a model of the relationship between the expansion and solidification of magnesium melt
to seek the optimal energy input, control the melt temperature, and obtain the relationship between
magnesium melt spreading and solidification rate to reduce the occurrence of defects, such as pores
and spheroidization.

Furthermore, the influence of intermetallic compounds on SLMed magnesium alloys cannot be
ignored. Intermetallic compounds have a dual effect on SLMed magnesium alloys. On the one hand,
refining and dispersing intermetallic compounds can play a role in precipitation strengthening; on the
other hand, intermetallic compounds can also have an adverse effect on corrosion resistance and
mechanical properties. Therefore, controlling the size, shape and content of intermetallic compounds
should be studied in further detail in the future. It is necessary to proceed from the theory of
metallurgical physical chemistry and seek the conditions and mechanisms for the formation or
decomposition of intermetallic compounds from the liquid state to the normal temperature state
and finally obtain the best process parameters for controlling the intermetallic compounds in the
SLM process, including an appropriate heat treatment method. According to the theoretical basis
of postprocessing SLMed magnesium alloys presented above, there is still much research space in
this aspect.

8. Conclusions

This review of the published literature on SLMed Mg offers insight into the current knowledge
surrounding the influence of processing conditions, alloying elements, and post-treatment on the
microstructure, properties, and fracture mechanisms of the produced parts. However, limited
processable materials, immature process conditions and metallurgical defects are still problems that
magnesium alloys need to face and solve in the SLM process. In the past two years, these three issues
of SLMed magnesium alloys have been substantially improved by optimizing process parameters,
introducing post treatment and adjusting different alloying elements. Due to the paucity of publications
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on postprocessing and alloy design of SLMed magnesium alloy powders, we review the current
state of research and progress. Moreover, traditional preparation techniques of magnesium alloys
are evaluated and related to the SLM process with a view to gaining useful insights especially with
respect to postprocessing and alloy design of magnesium alloys. This article also discusses and
summarizes the current factors that affect the formability, compactness, and mechanical properties of
SLMed magnesium alloys. This article provides a reference for further investigating or controlling the
microstructure of SLMed magnesium alloys and improving the densification, mechanical properties,
and corrosion resistance of the produced materials. In addition, with respect to materials and metallurgy,
new challenges and prospects in the SLM processing of magnesium alloy powders are proposed with
respect to alloy design, base material purification, inclusion control and theoretical calculation, and the
role of intermetallic compounds.

• With respect to immature process conditions and metallurgical defects, the influence of processing
parameters (scanning speed and laser power) on the forming and performance of magnesium
alloys cannot be ignored. The relative density of magnesium alloys is closely related to the
processing parameters. If the scanning speed is too high or laser power is to low (energy density is
too low), the powder cannot be fully melted, and the system is in a state of solid–liquid coexistence.
In this state, the surface tension and viscosity of the liquid increase, which inhibits the liquid
from flowing smoothly and causing the liquid to agglomerate into spheres and pores, thereby
preventing the sample from becoming dense. If the energy density is too high, it will lead to
the loss of alloying elements due to the evaporation of elements in the powder. On the other
hand, under these conditions, the solute capture effect will be weakened, and the decrease in the
solid solution content will cause the relative density of the SLMed sample to decrease. Therefore,
the preparation of dense SLMed magnesium alloy requires the energy density to be controlled
in a suitable range to enhance the solid solution strengthening and reduce the liquid surface
tension, thereby eliminating the pores and spherical particles between the tracks. However,
in the SLM process of magnesium alloys, it is difficult to remove the pores by only adjusting the
process conditions. Post-treatment methods such as HIP are required to remove these defects.
Microcracks are commonly attributed to solidification cracking and liquation cracking. The cause
of solidification cracking is a residual thin film of liquid phase between the primary crystallized
grains, and liquation cracking is caused by cyclic heat input, which occurs in multilayer welding
and layered fabrication.

• The microhardness of the SLMed magnesium alloy is affected by the rapid solidification
characteristics in the SLM process, which mainly affect the microstructure and the solid solution
of the elements. On the one hand, the rapid solidification characteristics remarkably refine the
microstructure of magnesium alloys, and the microhardness of SLMed magnesium alloys is
notably higher than that of traditional as-cast magnesium alloys. On the other hand, the solid
solution content of the alloying elements is different due to the differences in the solute trapping
effects at different energy densities during the SLM process; thus, the strengthening effects are
different. Moreover, the distribution and content of the second phase and the presence of defects
will also affect the microhardness. Microhardness does not change monotonically with respect
to the energy density. It is necessary to comprehensively consider the interaction between the
solute capture effect at different molten pool temperatures and the solid solution of the elements
under rapid solidification. Hence, while the microstructure is refined, the optimal solid solution is
achieved, and the microhardness of the magnesium alloy is improved.

• The grain size of magnesium alloys is increased by increasing the energy input during the SLM
process, and the mechanical properties are affected by the grain size and microstructure. In SLMed
magnesium alloys, attention should be paid to the dual influence of the second phase on the
material properties. The content of the second phase needs to be controlled to balance the
strengthening of the second phase and its limitation on plasticity. The mechanical properties and
corrosion resistance of SLMed magnesium alloy can be improved by introducing alloying elements.
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At present, there are several alloy systems under investigation, and more alloying elements, such
as rare earth elements and Mn, need to be introduced to develop different SLMed magnesium
alloy systems. The micropores and the second phase generated during the SLM process have
certain restrictions on the application of the material. Adjusting the process conditions can reduce
the harm of the pores and the second phase to a certain extent, but it cannot be completely avoided.
Post-treatments, such as HIP and heat treatment, can be applied to help eliminate inherent porosity
and improve the precipitation of the second phase. However, much remains to be done in this area.

• In view of the lack of processable materials, adding alloying elements and post-treatment is an
effective way to improve SLMed magnesium alloy. These two methods have played an important
role in improving the mechanical properties and corrosion resistance of SLMed magnesium alloy,
especially the problem of poor plasticity of SLMed magnesium alloy. In the future, these two
aspects need to be further studied to design magnesium alloy materials that are more suitable for
SLM process applications.
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Abstract: Plasma metal deposition (PMD) is an interesting additive technique whereby diverse
materials can be employed to produce end parts with complex geometries. This study investigates not
only the effects of the manufacturing conditions on the final properties of 316L stainless steel specimens
by PMD, but it also affords an opportunity to study how secondary treatments could modify these
properties. The tested processing condition was the atmosphere, either air or argon, with the other
parameters having previously been optimized. Furthermore, two standard thermal treatments were
conducted with the intention of broadening knowledge regarding how these secondary operations
could cause changes in the microstructure and properties of 316L parts. To better appreciate and
understand the variation of conditions affecting the behavior properties, a thorough characterization
of the specimens was carried out. The results indicate that the presence of vermicular ferrite (δ) varied
slightly as a consequence of the processing conditions, since it was less prone to appear in specimens
manufactured in argon than in air. In this respect, their mechanical properties suffered variations;
the higher the ferrite (δ) content, the higher the mechanical properties measured. The degree of
influence of the thermal treatment was similar regardless of the processing conditions, which affected
the properties based on the heating temperature.

Keywords: plasma metal deposition; additive manufacturing; 316L; processing conditions;
mechanical properties; microstructure

1. Introduction

Nowadays, several additive manufacturing (AM) processes are employed in diverse industrial
sectors as recognized techniques to produce specimens with determined and specific geometries [1,2].
These well-known techniques involve layer-by-layer shaping and building components [3] in opposition
to the conventional manufacturing techniques, in which the parts are built in bulk [4]. In the framework
of the AM processes in the field of metals, their general classification could be carried out while
considering the two different feedstock systems: powder–bed and injection deposition techniques [5].
The technology of the powder–bed processes enables parts to be built with complex geometric shapes;
however, the building volumes may be limited to small components [6]. Components of a larger
volume can be produced by injection deposition techniques, whereby shapes and geometries often
demand a lower degree of complexity [7]. The technologies of injection deposition can be broadly
classified into powder and wire systems, in which the starting materials could be fed or blown [1].
The technology of a wire-fed system is faster than the other techniques, thereby allowing a high
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production rate [8]. However, this process is limited by the availability of raw materials. Laser and
plasma metal deposition (LMD & PMD) are included in the category of blown powder techniques.

The PMD manufacturing process is a rapidly rising AM technology thanks to its advantages over
laser-based AM processes. In this technique, a plasma is used as the energy source to melt the starting
materials [9,10]. The plasma spot, larger than the laser spot, presents a high feeding rate (1–10 kg/h)
and, as a consequence, a high production rate, which is interesting for today’s industrial sector [11,12].
Moreover, it is not limited by the feedstock material weight or component size as in powder–bed
systems since the plasma torch is attached to a Gantry system and the deposition is performed on
a workbench of the desired size. Currently, PMD is used in the prototype scale [13], as well as for
structural components [14]. Due to the high energy delivered to the feedstock deposited on a substrate,
a melt pool is generated; simultaneously, an inert gas is blown. Such an inert gas aids in the injection
of the powder feed and also protects the formed components from oxidation. Thus, the specimen is
produced layer-by-layer. Finally, the three-dimensional component is built. Concerning the deposition
process and the feedstock melting, the consolidated material on the substrate may be involved in
the reheating cycles, which could promote variations on the microstructure and changes in the final
component behavior. Several authors describe the importance of a thorough understanding of the
relevant parameters, not only regarding the starting powder (flow rate, size, shape, composition,
etc.), but also the processing conditions (transferred arc, speed, atmospheric conditions, etc.) [10,15].
Therefore, the influence of these significant parameters should be considered on the final properties of
the components.

In AM technology, 316L stainless steel powder is commonly employed to develop complex
geometries since this alloy presents attractive properties for many industrial sectors, such as highly
resistant corrosion behavior and toughness [16]. Previous authors indicate that the microstructure of
this austenitic stainless steel could suffer variations as a consequence of the manufacturing process.
Retained δ-ferrite phase with various morphologies and intermetallic σ triggered by the replacement
of δ, could be present in the microstructure in addition to the expected γ-austenite phase. This may be
related to the processing parameters and ambient conditions in which the parts are built; in this regard,
the final mechanical and tribological properties of the components could be affected [17–20].

The peculiarities of this innovative PMD process, such as its fast heating/cooling rates, could result
in remarkably different microstructures compared with traditional fabrication routes, such as casting.
In other additive techniques, such as selective laser melting (SLM), many authors state the benefits
of AM and how the optimization of fabrication parameters presents a positive effect on the final
properties of the specimens [21–24]. Moreover, these investigations reveal that there would be a
direct relationship between the final microstructure and the properties with the number of layers; it is
suggested that the microstructure could be influenced by the accumulated heat which would lead to
the non-equilibrium microstructure. Secondary thermal treatments are carried out in order to improve
the final properties [25], and their effect on the microstructure is studied.

In this work, the importance of the ambient condition during the PMD process is studied through
the manufacture of two walls made from powders of 316L stainless steel, built in air and argon,
respectively. Furthermore, two standard thermal treatments are performed in selected specimens
extracted from each wall, to evaluate possible variations in their final properties. In this context,
this research is intended to deepen and broaden scientific knowledge on how ambient conditions and
the secondary treatments affect the properties and the microstructure of the PMD specimens.

2. Materials and Methods

2.1. Materials

The starting powder studied in this research was AISI 316L stainless steel, produced by the
water-atomization method, leading to a particle size range of 75–150 μm. This powder was supplied
by the Hoeganaes Corporation (Radevorwald, Germany).
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The feedstock was chemically analyzed to confirm the composition and compare it to the standard
composition. For this purpose, a scanning electron microscope equipped with an energy dispersion
X-ray spectroscopy detector (SEM/EDS Hitachi TM1000, Tokyo, Japan) was used; the results are listed in
Table 1. Additionally, a particle morphology analysis was carried out via optical microscopy (Figure 1a,
OM, Zeiss ICM 405, ZEISS Invers LM, Oberkochen, Germany) and SEM (Figure 1b,c). The morphology
appeared to be irregular with rounded edges. In Figure 1a, some internal porosity can be observed.

Table 1. Chemical composition of the standard 316L and the starting powder employed as feedstock.

Composition in Mass%

SOURCE INFO Fe Cr Ni Mo Mn Si P S C

Hoeganaes Corporation Bal. 16.37 12.78 2.22 0.07 0.84 0.019 0.002 0.015

EDS Analysis Bal. 23.5 6.8 0.6 – 0.6 – – –

Standard [26] Bal. 18–16 14–10 3–2 max. 2 max. 0.75 max. 0.045 max. 0.03 max. 0.03

 

Figure 1. Microscopy analysis of the feedstock. (a) optical microscopy (OM) image of the cross-section
of the starting particles of 316L; (b,c) SEM images of the powder particles.

X-ray diffraction (XRD) analysis was conducted by Bruker D8 Advance A25 equipment (Bruker,
Billerica, MA, USA) with Cu-Kα radiation. In Figure 2, the X-ray pattern reveals the significant peaks
of the γ phase of the 316L stainless steel.

Figure 2. XRD analysis of the starting powder.

2.2. Plasma Metal Deposition Process

Samples were manufactured via a PMD technique which employed an argon plasma as an
energy source for melting the starting material in powder, injected directly in the plasma torch.
The PMD device was mounted on a 2.5-axis CNC machine; both types of equipment are the property
of RHP-Technology GmbH.

A commercial AISI 1015 steel plate with dimensions of 200 mm × 200 mm × 10 mm was selected
as substrate. As on previous authors’ work [9,15], the feasibility of manufacturing the raw material
powders by PMD processing was tested by optimizing the following welding parameters: main arc
current (A), pilot current (A), welding speed (mm/min), material feeding rate (g/min), pilot gas flow
(L/min) and shielding gas flow (L/min). The parameter optimization was carried out in order to avoid
cracks, delamination between layers due to a lack of input energy and porosity as a result of gas
trapped in the matrix when high energy is used.
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Two walls of 150 mm × 40 mm × 15 mm in size were produced by an oscillation movement:
one wall was manufactured in open atmosphere condition (see Figure 3a), using a local shielding gas
only as a protective agent against oxidation; while the second wall was fabricated inside a hermetic box
filled with argon as the inert atmosphere (see Figure 3b), which protected the entire wall from oxidation
during the whole process. In this regard, the influence of the ambient condition was evaluated on the
final behavior of the specimens.

 

Figure 3. Images of the fabricated walls. (a) W1, produced in air atmosphere; (b) W2, produced in
argon protective atmosphere.

The optimized manufacturing parameters selected to fabricate both walls are shown in Table 2.

Table 2. Processing parameters of plasma metal deposition (PMD) 316L.

Main Current (A) Pilot Current (A) Oscillation Welding Speed (mm/min) Material Feeding Rate (g/min) Pilot Gas Flow (L/min)

130 35 600 16.2 1.5

In the context of the manufacturing conditions, for the open atmosphere wall (W1), an argon
shielding gas flow of 15 L/min was used; on the other hand, for the inert atmosphere test wall (W2),
no shielding gas was employed since the hermetic box was filled with argon to control the oxygen
below 50 ppm.

2.3. Sample Extraction and Thermal Treatments

Three different sets of tensile test samples were extracted by an electro discharge machining (EDM)
Mitsubishi DWC 110 (Mitsubishi, Tokyo, Japan). The dimensions of the extracted specimens were
in accordance with the standard [27]. Their geometry and their location in the walls are shown in
Figure 4.
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Figure 4. Schematic images of (a) a tensile test sample with its dimensions and (b) the numbering of
the samples for the tensile tests and their location in the walls: (b.1) 1.1, 1.2, 1.3 as-built specimens;
(b.2) 2.1, 2.2, 2.3 specimens treated by TT1; and (b.3) 3.1, 3.2, 3.3 specimens treated by TT2.

Following the investigation of the as-built specimens, the thermal treatments were performed
using a high vacuum vertical tube furnace model APF-0716-MM (Thermal Technology GmbH, Bayreuth,
Germany) under argon atmosphere. The thermal treatment parameters were selected based on the
existing literature [26,28]; these are listed in Table 3. The treatment named TT1 involved an enhancement
of the temperature only up to 600 ◦C (stress relief); in the treatment named TT2, in contrast, the heating
was carried out at 950 ◦C (austenitization). The postprocessing parameters of 10 ◦C/min as the heating
rate, 2 h for holding time and 10 ◦C/min as the cooling rate were the same for both processes; the heating
temperature was the crucial factor to induce possible changes in the treated specimens.

Table 3. Thermal treatments performed on the two sets of 316L tensile test specimens, for both cases of
air and argon atmosphere manufacturing, along with the sample identification.

Thermal Treatment Thermal Treatment Cycle Samples Location in Wall (Figure 4)

As built – 1.1, 1.2, 1.3

TT1 10 ◦C/min, 600 ◦C, 2 h, 10 ◦C/min, RT 2.1, 2.2, 2.3

TT2 10 ◦C/min, 950 ◦C, 2 h, 10 ◦C/min, RT 3.1, 3.2, 3.3

2.4. Microstructural Characterization and Mechanical and Tribological Behavior

A detailed characterization was conducted in this research. The microstructural study was
performed, after metallographic preparation, with a Nikon Epiphot optical microscope (Nikon, Tokyo,
Japan) and a scanning electron microscope (FEI Teneo, Hillsboro, OR, USA) equipped with an EDS
system to carry out compositional analysis and elemental mapping.

The Archimedes’ method [29] enabled the density to be determined for the different sets of
specimens. Image analysis (IA) was performed with a Nikon Epiphot optical microscope (Nikon,
Tokyo, Japan) coupled with a Jenoptik Progres C3 camera (Jenoptik, Jena, Germany) and then processed
using Image-Pro Plus 6.2 software (Media Cybernetics, Bethesda, MD, USA). Struers-Duramin A300
(Ballerup, Germany) was employed to reach the Vickers hardness (HV2). The hardness measurements
took place on the polished cross-section of both walls.

Macro mechanical characterization was carried out through tensile tests by employing an Instron
5505-load unit (Norwood, MA, USA) using a strain rate of 0.5 mm·min−1 at room temperature.
The mechanical properties under study were ultimate tensile strength (UTS), yield strength (YS, σy),
Young’s modulus (E) and elongation (ε).

An instrumented microindentation device, MTR3/50-50/NI (Microtest, Madrid, Spain),
was employed on samples to evaluate their micromechanical behavior. The Vickers pyramid diamond

69



Metals 2020, 10, 1125

tip was set in the simple loading/unloading mode. The resulting load–penetration (P–h) curves were
measured using the Oliver and Pharr analysis [30], and the elastic relaxation values were calculated.
Six indentations were made for each sample: three for a maximum load of 1 N and three for 5 N (load
rate of 1 N/min and 5 N/min, respectively), with a holding time of 40 s.

After macro- and micromechanical characterization, the tribological behavior of the samples was
ascertained by a ball-on-disc tribometer (Microtest MT/30/NI, Madrid, Spain). Ceramic alumina balls
of 6 mm in diameter were employed. Moreover, for running the tests, the specimens were grounded,
polished, cleaned with acetone in an ultrasonic bath, and, as a last step, dried. The tests were carried
out under the following parameters: room temperature, a normal load of 5 N on the ball and a 200 rpm
sliding speed for 15 min on a circular path of 2-mm radius. The worn surface morphology was studied
by optical microscopy (OM) with a Leica Zeiss DMV6 (Leica Microsystems, Heerbrugg, Switzerland).

3. Results

The results were studied and compared in accordance with the manufacturing atmosphere
condition, air and argon, in addition to the as-built specimens or the thermal treatments, TT1 and TT2,
performed on specific specimens, as described above.

3.1. Microstructure

The microstructural characterization confirmed the existence of an austenite (γ) matrix in all
the specimens, regardless of the processing conditions and the thermal treatment, as expected [25].
The retained ferrite (δ) was also present and exhibited a fine vermicular morphology. There were slight
differences in how this phase appeared depending on the atmosphere conditions and the postprocessing
treatment carried out (Figure 5).

 

Figure 5. Processed OM images from the following specimens. (a) air-1.1; (b) air-2.2; (c) air-3.3; (d)
argon-1.1; (e) argon-2.2; and (f) argon-3.3.

Observing the microstructure of the processed specimens, δ grew as a dendritic morphology [18]
along with the vertical direction of the wall (z). The austenite phase was formed around the boundaries
of the ferrite; therefore, γ seems to be oriented within the dendrites. This orientation (z) was more
noticeable in air (see Figure 5a) than in argon (see Figure 5d). In the case of the specimens manufactured
in argon, there was a soft phase orientation. Furthermore, the content of this ferrite was slightly
reduced when the specimens were processed in argon, regardless of the thermal treatment, as can be
qualitatively appreciated in Figure 5.
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From the point of view of the postprocessing, both thermal treatments resulted in decreasing
the vermicular phase while maintaining a similar tendency in its occurrence on the basis of the
aforementioned air and argon conditions. TT2 caused a greater decrement of the ferrite than did TT1.
This trend was more significant in specimens processed in argon than in specimens fabricated in the
air condition, as can clearly be observed when the microstructures shown in Figure 5c,f are compared.

In a detailed evaluation of the microstructure of specimens located in determinate positions,
several differences could be appreciated. Regarding the specimens that were extracted from the top
and the base of the walls, argon-1.3 and argon-1.1, respectively, the content of the vermicular phase
was similar; however, the specimens cut from the center of the walls, argon-1.2, presented a slightly
lower content of ferrite (δ). This suggests that the heat dissipation on the center was less pronounced
than in the areas close to the substrate and the top. In this regard, a low rate of heat dissipation during
the manufacturing process contributed towards the disaggregation and transformation of the retained
vermicular phase [18,31,32]. This phenomenon is shown in Figure 6.

 

Figure 6. Processed OM images from the following specimens. (a) argon-1.1; (b) argon-1.2;
and (c) argon-1.3.

In order to confirm the elemental content of the various phases, three specific points were analyzed
using a circular backscatter (CBS-) SEM with EDS for sample air-1.1 (Figure 7). Spot 1, marked in
Figure 7, shows the lowest content of chromium, with this point set in the austenite matrix. For Spot 3,
the concentration of chromium lightly increased; and the highest content of chromium was measured
at Spot 2; in both these latter spots, the vermicular morphology could be identified. These EDS analyses
suggest that the vermicular phase is rich in chromium and also in molybdenum, while the matrix
(Spot 1) presents more nickel content than in the vermicular phase.

Furthermore, a compositional mapping was carried out in sample argon-2.2 in order to verify the
elemental distribution. Figure 8 confirms the presence of chromium and molybdenum in the vermicular
areas; both elements appeared in the δ-ferrite phase in a higher content than in the austenite matrix.

It should be borne in mind that the vermicular δ phase may embed the intermetallic σ phase
that commonly possesses the highest content of chromium and molybdenum [25]. In accordance
with previous authors, this σ phase arises from the decomposition of the δ phase. Therefore,
the identification of this intermetallic may relate to the presence of the vermicular areas. Figure 9a
shows a higher-magnification SEM image that enabled the detection of the intermetallic σ. There were
small amounts of this phase embedded in the vermicular ferrite areas and preferably placed in the
gamma-delta ferrite interphase. More intermetallic sigma phase can be found in as-built samples,
in the central position of the walls [18]. These regions can also be observed in OM (Figure 9b).
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Figure 7. EDS–SEM image and the analysis of three spots in sample air-1.1.

 

Figure 8. Compositional mapping of sample argon-2.2. (a) SEM image; (b) carbon; (c) nickel;
(d) molybdenum; (e) chromium; and (f) iron.
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Figure 9. Identification of intermetallic σ phase. (a) CBS–SEM image from sample air-1.2; and (b) OM
image from sample argon-1.2.

3.2. Mechanical Properties

In general terms, AISI 316L stainless steel specimens processed by PMD were dense with porosity
values lower than 1%, obtained by IA and densification by the Archimedes’ method.

Concerning hardness, a whole wall section was measured along with the height. The obtained
results were similar within each wall. The average hardness values were 150 HV in air and 140 HV in
argon. Therefore, in both cases, the achieved hardness was slightly reduced from the nominal values,
but similar to the typical results from metal deposition techniques (140–175 HV) [18,28,33,34].

In the context of the mechanical properties measurements, the tensile test results were studied
and compared on the basis of: (i) ultimate tensile strength (UTS), (ii) elongation (ε), (iii) yield strength
(YS) and (iv) Young’s modulus (E). A comparative study was performed, not only to achieve the effect
of the manufacturing conditions in the final behavior of the specimens (air and argon), but also to
comprehend the influence of the thermal treatment applied. Figures 10–12 provide data on the average
calculated values after the testing of three specimens located in the three different positions shown in
Figure 4.

A graphic depiction of the average properties of the as-built specimens studied can be observed in
Figure 10. The goodness of selected manufacturing parameters was verified since the UTS, ε, and YS
achieved values close to the standard values (450 MPa, 40% and 170 MPa, respectively) [35], regardless
of the air or argon conditions. The influence of the ambient conditions during the PMD process
involved differences on the mechanical properties between specimens processed in air and in argon,
especially in the UTS and YS. It was observed how the average UTS value increased by 9% when
specimens were manufactured in air; the YS also showed increments of 13%. Young’s modulus and
elongation showed similar values, with 161 GPa and 44%, respectively, for specimens processed in air
(see Figure 10).

Regarding the effect of the thermal treatment, Figures 11 and 12, the specimens processed in air
suffered mild decrements of their UTS, of approximately 7% after TT1 and 10% after TT2. When the
specimens were made in argon conditions, their UTS after TT1 and TT2 remained closer, at 446 MPa
and 453 MPa, respectively, which means that there was a negligible variation of UTS behavior after the
postprocessing treatments when the specimens were performed in argon.

However, the YS values diminished after both treatments. Its tendency remained similar to
the as-built specimens and resulted in higher values in air than in argon. Comparing the effect of
the heating temperature of the postprocessing treatment: the higher the temperature, the lower the
YS measured.

Young’s modulus values also presented attenuation with the thermal treatments. These measured
lower values after TT2 than after TT1. In this respect, the influence of the two treatments was similar,
independently of whether the specimens were fabricated in air or in argon.
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Figure 10. Mechanical properties of PMD as-built specimens vs. the processing conditions of air
and argon.

Figure 11. Mechanical properties of PMD specimens after TT1 vs. the processing conditions of air
and argon.

On studying the results of the YS behavior, the application of the TT1 led to a decrease of 5% and
9% in specimens manufactured in air and in argon, respectively. Similarly, the TT2 contributed towards
reducing the YS by 15% and 18% regarding the as-built specimens. It seems that both treatments more
strongly affected the specimens fabricated in argon; in general, TT2 caused a greater decrement in the
YS. The Young’s modulus values were affected in the same way by each of the thermal treatments.

The deformation of the specimens after each of the thermal treatments varied slightly. In specimens
fabricated in argon, the enhancement of the elongation reached from 41% of the as-built specimens
up to approximately 47%, after TT1 and TT2. In the case of the specimens manufactured in air,
the deformation remained closer to 44% independent of the treatment carried out. Therefore, the effect
of the postprocessing was more significant in specimens fabricated in argon.
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Figure 12. Mechanical properties of PMD specimens after TT2 vs. the processing conditions of air
and argon.

In general, it becomes apparent that the YS and Young’s modulus present lower values as the heat
treatment temperature increases, and therefore these samples offer a lower resistance to permanent
plastic deformation.

Tables 4 and 5 show the values of the mechanical properties of each of the measured specimens.
In the context of the sample locations in the manufactured wall, there was only a negligible trend
among the specimens, with the exception of Young’s modulus. Even after the thermal treatments, the
variation of these properties considering the sample position remained unclear.

Table 4. Ultimate tensile strength and elongation results for the specimens studied.

W1 (Built in Air) W2 (Built in Argon)

Sample UTS (MPa) Elongation (%) UTS (MPa) Elongation (%)

1.1 as built 491 44 1.1 as built 450 42

1.2 as built 483 45 1.2 as built 442 37

1.3 as built 489 43 1.3 as built 449 44

As built Average 488 ± 3 (0.7%) 44 ± 1 (1.9%) 447 ± 4 (0.8%) 41 ± 4 (8.6%)

ASTM A 240 485 40 485 40

[12] 450 40 450 40

2.1 TT1 465 44 2.1 TT1 465 47

2.2 TT1 451 36 2.2 TT1 448 44

2.3 TT1 444 40 2.3 TT1 426 49

TT1 Average 453 ± 9 (1.9%) 40 ± 3 (8.2%) 446 ± 16 (3.6%) 47 ± 2 (4.4%)

3.1 TT2 416 49 3.1 TT2 461 49

3.2 TT2 440 42 3.2 TT2 442 47

3.3 TT2 463 39 3.3 TT2 455 43

TT2 Average 440 ± 19 (4.4%) 43 ± 4 (9.7%) 453 ± 8 (1.8%) 46 ± 2 (5.4%)
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Table 5. Young’s modulus and yield strength results for the specimens studied.

W1 (Built in Air) W2 (Built in Argon)

Sample
Young’s

Modulus (GPa)
Yield Strength

(MPa)
Young’s Modulus

(GPa)
Yield Strength

(MPa)

1.1 as built 160 238 1.1 as built 161 205

1.2 as built 159 205 1.2 as built 149 205

1.3 as built 165 230 1.3 as built 176 188

As built Average 161 ± 3 (1.9%) 224 ± 13 (5.8%) 162 ± 13 (8.3%) 199 ± 9 (4.3%)

ASTM A 240 200 170 200 170

[12] 170 170

2.1 TT1 144 218 2.1 TT1 139 190

2.2 TT1 143 205 2.2 TT1 136 183

2.3 TT1 168 218 2.3 TT1 154 173

TT1 Average 152 ± 12 (7.6%) 214 ± 6 (2.9%) 143 ± 8 (5.5%) 182 ± 7 (3.8%)

3.1 TT2 127 196 3.1 TT2 137 168

3.2 TT2 124 193 3.3 TT2 127 162

3.3 TT2 143 182 3.6 TT2 141 159

TT2 Average 131 ± 8 (6.4%) 190 ± 6 (3.2%) 135 ± 6 (4.4%) 163 ± 4 (2.3%)

On observing the Young’s modulus results shown in Table 5, the specimens extracted from the
central areas of both walls showed lower values than the samples located on the top and the bottom of
the walls. This phenomenon was also detected after each of the thermal treatments.

3.3. Microindentation and Wear Behavior

The microindentation tests were conducted in each of the specimens and employed two different
maximum loads of 1 N and 5 N; three runs were performed for each load. Figure 13 depicts the P–h
curves, loading and unloading, in which the load vs. indentation depth is represented using average
values after the tests. Concerning the applied thermal treatments, there were no significant variations
in the penetration depth curves. Regardless of the thermal treatment, the penetration was higher
in samples processed in argon (Figure 13c,d) than in specimens manufactured in air (Figure 13a,b).
This trend is clearly visible under the high applied load.

In Table 6 (1 N) and Table 7 (5 N), values of the elastic recovery, absolute and relative, are listed.
In general, the relative elastic recovery was greater in specimens fabricated in argon than in air. It should
be borne in mind how as-built specimens and specimens after TT1 fabricated in argon exhibited similar
values. However, after TT2 there was an enhancement of the elastic recovery; it can be inferred that the
316L stainless steel became softer than for as-built specimens. Results were more noticeable at five
newtons maximum load than at one newton.

Table 6. Elastic recovery values employing a load of 1 N.

W1 (Built in Air) W2 (Built in Argon)

Sample
Absolute

Elastic Recovery
(μm)

Relative
Elastic Recovery

(%)

Absolute
Elastic Recovery

(μm)

Relative
Elastic Recovery

(%)

1.1 as built 0.85 22.2 1.1 as built 1.00 26.0

2.2 TT1 1.09 26.7 2.2 TT1 1.08 28.4

3.3 TT2 0.97 23.8 3.3 TT2 1.23 34.3
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Figure 13. P–h curves for micromechanical behavior of samples. (a) Air atmosphere, 1 N; (b) air
atmosphere, 5 N; (c) argon atmosphere, 1 N; and (d) argon atmosphere, 5 N.

Table 7. Elastic recovery values employing a load of 5 N.

W1 (Built in Air) W2 (Built in Argon)

Sample
Absolute

Elastic Recovery
(μm)

Relative
Elastic Recovery

(%)

Absolute
Elastic Recovery

(μm)

Relative
Elastic Recovery

(%)

1.1 as built 2.37 22.3 1.1 as built 3.04 30.1

2.2 TT1 3.73 36.2 2.2 TT1 3.52 30.0

3.3 TT2 3.55 35.3 3.3 TT2 3.82 36.5

The tribological characterization revealed slight variations on the wear behavior depending on
the processing conditions. On observing the resulting coefficient of friction (COF), there was a small
increase in specimens processed in argon, as can be appreciated in Figure 14.

Regarding the effect of the thermal treatment on the wear behavior, there was no distinguishable
trend. There was an initial stage named accommodation period, in which the COF enhancement sharply
took place. Subsequently, a second tranche showed a slight increase, and, finally, the stabilization
occurred, which is nearly constant in its variation vs. time [36]. Moreover, as can be observed in
Figure 14, the COF suffered a visible rise after 200 s; this enhancement was greater in specimens with a
low COF than in specimens with high values thereof. It can be presupposed that such an increase may
be related to a possible adhesion mechanism that corresponds to the beginning of the third stage of
the curves.
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Figure 14. Representation of the coefficient of friction vs. analysis time.

Figure 15 reveals OM images of the worn tracks. Abrasion mechanisms can be appreciated;
parallel marks in the same sliding direction can easily be identified. The material removal can clearly
be observed as debris in these worn tracks.

 

Figure 15. OM images from the worn tracks of the following specimens. (a) air-1.1; (b) air-2.2; (c) air-3.3;
(d) argon-1.1; (e) argon-2.2; and (f) argon-3.3.

The worn track areas of the specimens are depicted in Figure 16; these values were calculated
by means of the difference between the external and inner circular areas. The tendency was inverse
regarding the COF. On comparing the effect of the processing conditions, the values obtained for
worn tracks were slightly larger in specimens processed in air than those fabricated in argon. As an
additional observation, the influence of thermal treatment was of no significance on the worn tracks,
which made difficult to determine a clear trend.

Considering the short period of testing time and distance, in addition to the wear mechanisms
that resulted in debris, no significant findings were found regarding the weight loss and the wear rate.
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Figure 16. Worn track area values obtained after the tribological tests.

4. Discussion

An austenite (γ) matrix with a retained vermicular ferrite phase (δ) constituted the microstructure
of the specimens, regardless of the processing conditions and the thermal treatment.

As previously described, the δ-phase grew as a dendritic morphology. Subsequently, around the
boundaries of the ferrite, the austenite phase emerged due to a peritectic transformation during the
cooling process with γ oriented within the dendrites.

It was confirmed that the retained δ-phase was rich in chromium and molybdenum. One possible
explanation for this composition is related to the inability of these larger and heavier elements to
complete their diffusion in rapid solidification since they may have insufficient time to dissolve.

In previous studies regarding the development of 316L stainless steel by AM, in which the built
part presented a great height, the analysis of the heat-affected zones showed specimens with significant
variations in the ferrite phase morphology depending on the analyzed area [18,25]. In these studies
the microstructural evolution started from the top with reticular morphology of the δ phase; it then
followed on to a vermicular structure in the center of the wall; and, finally, in the studied microstructure
drawn of the base of the built part, this δ phase manifested a fine vermicular structure. Regarding
the specimens extracted from the manufactured walls in this research, the observed microstructures
revealed only a vermicular morphology and a slight refining trend, particularly in the center of the
built part, as can be observed in Figure 6.

Relating the observed microstructure and the study of the macro- and micromechanical and
tribological results, the content of the retained ferrite was linked to the properties measured. There were
slight variations in the ferrite occurrence in terms of the processing atmosphere. Thus, in specimens
manufactured in air, more ferrite could be appreciated and the values of UTS and YS were higher than
those manufactured in argon. This retained ferrite phase, located mainly at the grain boundaries [18,32],
was responsible for the enhancement of these mechanical properties, regardless of the thermal treatment,
making samples stiffer. Other researchers have established that in welded and cast steel, δ phase acts
as a strengthener [25]. These differences were less significant when the specimens were postprocessed
through thermal treatment.

When specimens were produced in air with a posterior thermal treatment, this led to a decrement
of the UTS, YS and Young’s modulus. It seems that the effect of the thermal treatment depended on
the property evaluated, whereby the changes in UTS more noticeable in air than in argon and the YS,
Young’s modulus and elongation more affecting in argon than in air. Considering the UTS, the possible
appearance of inner porosity, as well as additional microstructural defects, could diminish the UTS
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of the specimens manufactured in air. It should be borne in mind that the specimens processed in
argon showed results that were more homogenous than specimens fabricated in air. An increase in
elongation produced strain-hardening as observed in argon-built specimens [25].

This evolution was also related to the retained ferrite and the austenite phases; when the
percentage of austenite phase increased, the deformation of the 316L stainless steel reached higher
values. By evaluating how the thermal treatment affected the behavior of the specimens, the main
answer was found in the transformation of the ferrite into austenite. TT2 involved heating at 950 ◦C
for two hours, causing not only a possible enlargement of the grain size, but also a diminution of the
quantity of ferrite phase. Thus, the TT2 promoted the softening of the materials, which can be inferred
from the results of the tensile tests that show lower YS, more elongation and more elastic recovery
measured after TT2 than after TT1. Moreover, observing the microstructure, the presence of austenite
phase was more notorious in the specimens heated at the highest temperature.

Related to the micromechanical findings, the resulting trend remained unclear. The relative elastic
recovery, as well as penetration depth, appeared to be higher in specimens processed in argon than in air.
The thermal treatment would enhance this elastic behavior. The presence of the austenite, in addition
to less content of the ferrite located at grain boundaries, promoted the softening of the specimen.

At five newtons of maximum load, the results were more evident than at one newton. When loading
at five newtons, the indentation seemed to encompass a more comprehensive microstructure response.
In contrast, loading at one newtons made the trend unclear. This could be related to the formation
of oxide layers during the manufacturing of the specimens. Furthermore, it could be due to the
microplasticity phenomenon in local areas that is probably caused by the low load.

According to the determined COF, there was a singular relation between specimens with high
elongation and high COF. This fact could be linked to the mechanisms that took place during the
tribological test. Therefore, the more deformable the material is, the more shear force and surface
roughness appear, as well as the adherence of the loose particles on the worn surface [37]. Furthermore,
the greater the deformability of the specimens, the more debris appears which in turn generates a
higher COF. A smaller groove width is generated in these specimens due to the adhesion of the debris
to the ball, thereby generating instability in the formation of the groove, which is appreciable in the
exterior of the worn tracks.

5. Conclusions

The key conclusions are presented in terms of the two main factors of influence studied herein:
processing conditions and thermal treatment.

(i) Processing conditions:

• The influence of the inert atmosphere generated by argon gas promoted slight effects on the
microstructure and final behavior of the specimens;

• Relating to the retained ferrite (δ), specimens processed in argon showed a lower content
in this phase than specimens manufactured in air. This phenomenon was reflected in the
mechanical properties measured in as-built specimens processed in argon;

• The elastic recovery was lower in specimens manufactured in air than in argon;
• The COF presented higher values when the specimens were processed in argon than in air

and the results suggested that there were abrasive mechanisms with more debris.

(ii) Thermal treatments:

• These affected the specimens to a lower degree than expected; the specimens treated at a
higher temperature (TT2) suffered a higher variation of their mechanical properties than
specimens treated at TT1. Therefore, the higher the thermal treatment temperature, the lower
the YS and Young’s modulus measured;
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• Both thermal treatments resulted in a decrease the vermicular phase. TT2 caused greater
transformation of the ferrite (δ) than TT1;

• The relation of the elastic recovery with the thermal treatment was unclear, although TT2
appeared to be more influential in the enhancement of the elastic recovery.
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Abstract: The powder bed additive manufacturing (AM) process is comprised of two repetitive
steps—spreading of powder and selective fusing or binding the spread layer. The spreading step
consists of a rolling and sliding spreader which imposes a shear flow and normal stress on an AM
powder between itself and an additively manufactured substrate. Improper spreading can result in
parts with a rough exterior and porous interior. Thus it is necessary to develop predictive capabilities
for this spreading step. A rheometry-calibrated model based on the polydispersed discrete element
method (DEM) and validated for single layer spreading was applied to study the relationship between
spreader speeds and spread layer properties of an industrial grade Ti-6Al-4V powder. The spread
layer properties used to quantify spreadability of the AM powder, i.e., the ease with which an AM
powder spreads under a set of load conditions, include mass of powder retained in the sampling
region after spreading, spread throughput, roughness of the spread layer and porosity of the spread
layer. Since the physics-based DEM simulations are computationally expensive, physics model-based
machine learning, in the form of a feed forward, back propagation neural network, was employed
to interpolate between the highly nonlinear results obtained by running modest numbers of DEM
simulations. The minimum accuracy of the trained neural network was 96%. A spreading process
map was generated to concisely present the relationship between spreader speeds and spreadability
parameters.

Keywords: powder-bed additive manufacturing (AM); powder spreading; spreading process map;
discrete element method (DEM); machine learning

1. Introduction

Powder-bed additive manufacturing has been rapidly evolving over the last decade, due in part
to the design freedom it offers [1]. It is defined as the process of joining materials to make objects from
3D model data, usually layer upon layer [2]. The process consists of layer by layer spreading of a
powdered material and selective fusion or binding of the spread layer to produce 3D objects. State of
the art 3D printed parts have microscopic defects, at layer-level, like porosity, roughness and over or
under fused/bound particles and macroscopic, at part level, defects like poor surface finish, voids,
dimensional inaccuracy and shear-induced deformation. Few of these defects are directly related to
the spreading step in powder-bed additive manufacturing (AM) [3–14].

1.1. Powder Spreading Studies

Authors of this study have previously defined powder spreadability as the ease with which a
powder will spread under a set of load conditions [15] and have introduced four spread layer properties
which can be used to quantify spreadability—mass of powder retained in the sampling region after
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spreading, spread throughput, roughness and porosity of the spread layer [4]. Spread throughput
refers to the volume of powder spread per unit width of spreader per unit time and is indicative
of speed of printing with respect to spreading [4]. Roughness of the spread layer is based on the
RMS value of the topography of the spread layer [4]. Porosity of the spread layer represents the ratio
of volume of pores to the volume of the spread layer cuboid or alternatively one minus the ratio
of volume of powder particles to the volume of the spread layer cuboid [4]. Snow et al. [3] have
developed a similar spreadability metric comprising of the percent build plate coverage, the powder
deposition rate and the rate of change of the avalanche angle. There is a consensus in the literature
on the applicability of the Discrete Element Method (DEM) to study the problem on AM powder
spreading [5–9,11–14]. DEM was used by Haeri in 2017 [10] to optimize the shape of blade-like
spreaders to minimize spread layer defects. Few studies [16–18] have tried to use high energy X-rays to
visualize the powder spreading in situ, however these studies had to make use of a thin slice of powder
in direction perpendicular to the X-rays due to the low penetration depth of view offered by X-rays.
Thereby these studies were unable to study the full 3D nature of the powder spreading problem.

1.2. AM Machine Learning Studies

Recent advances in the field of data science and machine learning (ML) have resulted in works
combining ML and AM. Everton et al. [19] review in situ analysis for AM processes and highlight
key technologies for process control in metal AM. The big data from sensors is mentioned to be the
bottleneck for developing effective closed-loop process control. Bumann et al. [20] provide a review of
state-of-the-art AM ML studies. ML studies are classified into studies used to optimize AM process
parameters, to improve object properties, to enable process monitoring and closed-loop process control
and to improve digital security. An overview of AM informatics—science of managing AM data across
its lifecycle is provided in Reference [21]. A review of descriptive, predictive and prescriptive ML
studies in continuum materials mechanics—process parameters, microstructure, mechanical properties
and performance is provided in Reference [22].

Kamath in 2016 [23] introdced an iterative synergistic approach involving different levels of
complexity in experiments and simulations to optimize the process parameters of a selective laser
melting machine to print dense 316L SS parts (>99% dense). Data mining and statistical inference were
used in this study.

A data mining approach in real-time measurement for polymer additive manufacturing was
studied in Reference [24]. Brian et al. [25] developed an autonomous objective system devoid of
subjective human judgement, to implicitly characterize powder micrographs as a distribution of local
image features. The system was capable of classifying powders having different distributions of
particle size, shape and surface texture with an accuracy of over 95%. The ML system was also useful
in quantitatively identifying representative and atypical powder images. A hybrid ML algorithm
comprised of clustering (unsupervised learning) and SVM (supervised learning) was developed to
manage design knowledge and help inexperienced designers to explore AM-enabled design freedoms
in Reference [26]. Uhlmann et al. [27] provided data driven predictions for condition monitoring and
clustering of data from an SLM machine.

Gu et al. [28] proposed design of hierarchical materials using machine learning and finite element
analysis. Additionally, this work showed that machine learning can be used as an alternative method of
coarse-graining, with the ability to analyze and design materials without the use of full microstructural
data. A random forests-based predictive modeling approach to predict surface roughness of parts
produced using FDM (fused deposition modeling) was proposed in Reference [29]. Gorbert et al. [30]
developed in situ defect detection strategy for PBF AM using in situ sensor data from a DSLR camera
and ex situ ground truth defect data from CT images of the 3D printed part. The lighting condition
dependent strategy was shown to detect defects of incomplete fusion, cracks and porosity with
80% accuracy. Bessa and Pellegrino [31] developed a data-driven framework comprising of Design
of Experiments (DoE), computational analyses, machine learning and multi-objective optimization
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to develop design charts and find optimal design of Triangular Rollable And Collapsible (TRAC)
boom. This type of structure consists of two thin cylindrical shells of uniform thickness and has an
approximately triangular cross-section, consisting of single-thickness transversely curved flanges and
a double-thickness flat web. A multi-scale convolutional neural network was used to detect anomalies
in laser powder bed fusion systems in Reference [32].

Machine learning techniques were investigated for the continuous printing speed
modeling, selection and optimization for Continuous Liquid Interface Production (CLIP) a vat
photopolymerization based additive manufacturing in Reference [33]. Siamese Network was shown
to be more effective at capturing features for identifying the optimum manufacturing speed.
In Reference [34], a data-driven and ensemble learning-based predictive model was developed to
predict surface roughness of parts printed using fused filament fabrication (FFF). The condition
monitoring data, which served as input to the predictive model, was obtained using multiple sensors.
Zhang et al. [35] used deep learning in the form of LSTM NN (long short-term memory neural network)
and layer-wise relevance propagation to predict tensile strength of dog-bone specimens printed using
fused deposition modeling (FDM). The tensile strength of the final specimen was predicted as a
function of the contribution from each of the printing layers, measured using in-process sensing of
temperature and vibration data, fused together with process parameters and material property [35].

However, none of these studies provide intelligent closed-loop control of 3D printers with regards
to the spreading step. The present computational study proposes to solve this by using ML to develop
physics model-based surrogate model for a high-fidelity, computationally expensive physics-based
model of the spreading process. To the best of our knowledge, no study exists that tries to elucidate
the spreading process to obtain process maps by following the methodology described in Section 2.
Predictions from the machine learning model are discussed in Section 3, followed by conclusions in
Section 4.

2. Methodology

It is challenging to study the spreading step of powder-bed AM, not only experimentally but also
computationally. It is difficult to study this experimentally as the in situ measurements of layer defects
are challenging. Physics-based computational modeling of the spreading step is highly expensive due
to the need to simulate hundreds of thousands of powder particles. Therefore, a synergistic, three-step
approach as shown in Figure 1 was employed to study the powder spreading step in powder-bed
AM. This approach is the same as the one proposed by authors in an earlier study [36] but improves
the fidelity of the physics-based model by accounting for realistic particle size distribution (PSD) of
an industry-grade Ti-6Al-4V and roughness of the spreading substrate. The first step involves the
characterization of the AM powder using a powder rheometer developed by Freeman Technology, U.K.
and using the data for calibrating a ‘virtual powder’ which behaves similar to the real AM powder as
discussed in the previous work of authors [15]. The second step involves the spreading simulation
study of this rheometry-validated virtual powder and comparison to the real spreading, as discussed
in [4]. Finally, referring to Figure 1, the simulation data is used to develop a physics model-based
surrogate model of the physics-based model. This model is then used to generate, what the authors
refer to as, a spreading process map which maps the spreader speeds to the spread layer defects and
spread throughput. The present study is directed towards elaborating parts of the second and third
step of this methodology and discussing the results obtained using these steps.

2.1. Physics-Based Polydispersed DEM Model

The authors have developed an in-house multiphysics computational modeling platform known
as the Particle-Surface Tribology Analysis Code (P-STAC), which has a DEM module as its particle
dynamics simulation tool. The DEM model is based on the one developed by Cundall and Strack [37]
and has been validated in an earlier work by the authors [15]. It was shown by the authors of this
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study that it is important to account for a realistic particle size distribution while performing virtual
powder spreading [4]. This validated polydispersed model will be used in the present study.

Experiments Physics-based 
modeling (P-STAC)

Machine Learning
(ML)

Calibrate P-STAC
for virtual powder

Characterize the
AM powder

Perform real
spreading

Perform virtual
spreading

Run P-STAC for 50
virtual spreads

Comparable?
Comparable?

Train BP-NN to 
match P-STAC data

Run BP-NN for
1000s of virtual 

spreads

Deliver spreading 
process maps

 Y
es

 Y
es

Figure 1. Synergy between experiments, physics-based modeling and physics model-based machine
learning enabled surrogate modeling. Reproduced from [36], with permission from the Solid Freeform
Fabrication Symposium—An Additive Manufacturing Conference, 2017.

P-STAC is used to simulate single layer spreading as seen in a retrofit to a commercial powder-bed
3D printer, developed by ExOne, USA, refer Figure 2a. The spreading substrate as seen in the inset
in Figure 2a was additively manufactured using a powder-bed fusion printer and the spreading of
a single layer of powder was carried out over it. Sample simulation output is shown in Figure 2b.
Here the front half of the particles has been color-coded by particle size and the back half has been
color-coded by particle speed. The DEM simulations had particles of Ti-6Al-4V with an assumed
normal of Gaussian particle size distribution (PSD) in the range of 100–250 μm. The real AM powder
also had particles in the range of 100–250 μm. The topography of the spreading substrate is also shown.
The roughness of the spreading substrate, Sq is 79 microns. The spreader is able to spread a dense
layer of powder everywhere except where the spreading substrate has steep protrusions. These defects
of partial coverage result in the porosity of the spread layer and can eventually result in voids in the
final 3D-printed part. These voids will act as stress concentration points and thereby a source of part
failure [38]. The polydispersed DEM simulations can be used to correct such defects by altering the
spreader speeds.

Spread Layer Characterization

The polydispersed DEM model allows one to predict spread layer properties which otherwise
might be difficult to measure experimentally. These properties include mass of the powder in the
sampling region Ms, spread throughput Qs, roughness of the spread layer Rq and porosity of the
spread layer φ. The sampling region is a square area of 25 mm by 25 mm located in the central region
of the spread layer. The mathematical description of these properties, as reproduced from Reference [4]
is as follows:

Figure 3 shows a generalized schematic of the side view of a spread layer i. The heights of the
previously 3D-printed (i.e., spread and fused) layer (i − 1) are denoted by b's while the heights of
the post-spread surface (consisting of fresh powder particles) are denoted by h's. In other words,
b's are the heights measured by a virtual profilometer before the fresh powder was spread and h's
are the heights measured by a virtual profilometer after the powder was spread. Notice the point of
layer (i − 1) denoted by b3 where no powder was spread due to a steep peak. This point will be also
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registered as an h point (i.e., h3) for layer i while calculating its roughness. In the present study, points at
the intersection of randomly distributed 1000 × 1000 lines over the surface area of the sampling region
were used for the measurements of h's and b's.

(a) (b)

Figure 2. Synergy between experiments and physics-based modeling (a) A powder-bed 3D printer with
inset showing single layer spreading experiment on an additively manufactured spreading substrate,
refer [4] for details (b) Particle-Surface Tribology Analysis Code (P-STAC) simulation images—full
view (top), zoomed-in view showing only a part of the spread layer with a visible spread layer defect
of partial coverage (bottom).
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Fused powder of layer (i-1) Fresh powder of layer i

Figure 3. Schematic to understand computations of spread layer properties.

The average height of layer (i − 1), denoted by bavg and that of layer i denoted by havg, can be
given by:

bavg =
∑L

i=1 bi

L
(1)

havg =
∑M

j=1 hj

M
(2)

The average spread layer thickness can then be given by:

thkavg = havg − bavg (3)
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The quantities which answer the above four questions can be mathematically obtained as follows.
The mass of powder particles in sampling region, Ms can be expressed as

Ms =
πρ

6

N

∑
k=1

φk
3 (4)

Here N is the number of powder particles in the sampling region of Lx by Ly. While φk is the
diameter of the kth particle and ρ is the material density of powder particles.

Volume of powder spread per unit time per unit width of spreader, Qs can be expressed as

Qs = U · thkavg (5)

Where, thkavg is given by (3) and U is the translation speed of the spreader.
Roughness of the spread layer, Rq can be expressed as

Rq =
[∑M

j=1(hj − havg)2

M

] 1
2

(6)

And finally, porosity of the spread layer, Φ can be expressed as

Φ =
[
1 − Ms

ρLxLy(4Rq)

]
· 100% (7)

Spread layer sampling regions for a constant spreader translation speed and varying rotational
speed are shown in Figure 4. The variation in spread layer properties is not easily seen however the
spread layer properties do exhibit quite a lot of variation for these three spreader speeds. Refer to
Section 3 for details.

(a) (b) (c)

Figure 4. Sampling regions for the characterization of the spread layer for spreader speeds
(a) U = 100 mm/s and ω = −5 rad/s (b) U = 100 mm/s and ω = 0 (c) U = 100 mm/s and ω = 5 rad/s.

2.2. Design of Simulations for Virtual Spreading

Physics-based simulations with the polydispersed DEM module of P-STAC can be used to provide
predictions about the spread layer characteristics by varying the translation and rotational speeds of
the spreader. However these simulations are computationally expensive. It can take on an average 2 h
to run a single layer spreading physics-based simulation with 435,000 DEM particles having sizes in
the range of 100–250 μm. Thus it is not feasible to cover the entire process parameter space at refined
intervals using the polydispersed DEM model. However, a Design of Simulations (DoS), akin to
Design of Experiments (DoE), can be carried out by sampling the process parameter coarsely and
then training a machine learning model to regress between the results obtained by the physics-based
model. The different parameters for such a DoS of spreading simulations are summarized in Table 1.
Spreading cases with no roller rotation and roller rotating in clockwise direction (negative values),
resulted in deposition of 2–3 powder layers over a single pass of spreader as opposed to a single layer
of particles with single pass of anticlockwise rotating roller. The physics-based simulation results,
as seen in Figures 6–9 (blue and black points), are highly non-linear. To gain a better understanding of
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the effect of these speeds on the spread layer properties Ms, Qs, Rq and Φ, machine Learning (ML)
enabled surrogate modeling can be employed to regress between these highly non-linear data points
as described in the next sub-section.

Table 1. Design of Simulations (DoS) for virtual spreading of polydispersed particulate media.

Parameter Range of Values

Spreader diameter (mm) 30
Spreader length (mm) 70

Spreader translation speed, U (mm/s) 40, 55, 70, 85, 100
Spreader rotation speed, ω (rad/s) 0, 5, 10, 15, 20, −5, −10, −15, −20

Substrate roughness Sq (μm) 79

2.3. Physics Model-Based Machine Learning Enabled Surrogate Model

A schematic of a Back Propagation Neural Network (BP-NN) with 2 inputs and 4 outputs,
is shown in Figure 5. A single hidden layer was used in this study. The topology of BP-NN used in
the present study is shown in Table 2. This topology is based on the neural network used in an earlier
study by the authors [36]. This neural network creates a map between the spreader speeds as the
inputs and spread layer properties as the outputs. Sigmoid function is used as the activation function
for the hidden layer and L-2 regularization is used to avoid overfitting. The data for training and
testing the neural network is obtained by running the polydispersed DEM model by following the
DoS described in Section 2.2. The data from physics-based simulations is devoid of noise which can
occur in data obtained using physical sensors and thus the topology of the neural network is much
simpler and shallower than what might be required for a neural network trained on the data from
physical experiments. The results from the ML surrogate model are discussed in the next section.

I/p nodes Hidden layers 
with hidden nodes

O/p nodes

U

Qs

Rq

Ms

Figure 5. Schematic of a general neural network (NN) having 2 input nodes and 4 output nodes,
with multiple hidden layers with each hidden layer having multiple hidden nodes. NN used in this
study was comprised of a single hidden layer.

Table 2. Back Propagation Neural Network (BP-NN) parameters.

Parameter Value Parameter Value

Number of training samples 35 Activation function for hidden layer Sigmoid
Number of test samples 10 Activation function for output layer Linear

Number of hidden layers 1 Learning rate α 0.0001
Number of hidden nodes 200 L2-regularization parameter λ 0.1
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3. Results and Discussion

Regression results from the final BP-NN with parameters listed in Table 2 are shown in Figures 6–9
for spreading simulations over a rough substrate (Sq = 79 μm). Throughout, blue dots represent training
data and black dots represent test data. The numerical values of the spread layer properties for the
3 sampling regions shown in Figure 4, can be seen in Figures 6–9 (points on back-most edge of the
surface corresponding to U = 100 mm/s). These properties show a non-linear dependence on the
speeds of the spreader. Such shearing flow of powders with polydispersity results in percolation-type
segregation [39,40].

(a)

(b) (c)

Figure 6. BP-NN predictions for the spreadability metric of mass of powder in the sampling region,
Ms for the case of spreading Ti-6Al-4V powder on an additively manufactured spreading substrate
with Sq = 79 μm (a) Regressed surface (b) Training data (c) Test data.
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The surfaces predicted by this BP-NN, refer sub-figure (a) of Figures 6–9, nicely blanket the
simulation data points, both training and test data points, generated via DoS. In these surface plots,
dark blue corresponds to the lowest values and dark red corresponds to the highest values. Also shown
is the correlation coefficient R between P-STAC simulation results and BP-NN predicted results (b)
and (c) sub-figures of Figures 6–9. The near unity value of R for both training and test data points for
each of the layer properties Ms, Qs, Rq and Φ, suggests a near perfect regression. BP-NN trained for
spreading of Ti-6Al-4V powder on 79 μm substrate is able to predict results with at least 96% accuracy.

(a)

(b) (c)

Figure 7. BP-NN predictions for the spreadability metric of spread throughput, Qs for the case of
spreading Ti-6Al-4V powder on an additively manufactured spreading substrate with Sq = 79 μm
(a) Regressed surface (b) Training data (c) Test data.
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(a)

(b) (c)

Figure 8. BP-NN predictions for the spreadability metric of spread layer roughness, Rq for the case
of spreading Ti-6Al-4V powder on an additively manufactured spreading substrate with Sq = 79 μm
(a) Regressed surface (b) Training data (c) Test data.

Figure 6 shows the variation of mass of powder, Ms in the sampling region with spreader speeds.
As the roller rotational speed decreases from a positive value to zero, Ms increases. This is due to
the decrease of energy being transferred from the roller to the powder. Then as the rotational speed
changes to negative values, there is a sharp increase in Ms. This is due to the deposition of more than
one layer of powder. As the negative rotation speed increases in magnitude, Ms first increases then
decreases. The flip occurs when the translation speed matches the rotational speed at the bottom-most
point of roller (i.e., when the effective speed at the bottom-most point is zero). The dependence of
Ms on translation speed of roller is maximum only for the rotational speed of −5 rad/s because for
this rotational speed, the velocity of the bottom-most point of the roller varies from a negative value
(−35 mm/s for translation speed of 40 mm/s) to a positive value (25 mm/s for translation speed
of 100 mm/s). For the remaining rotational speeds, the variation of Ms with translation speed is
minimum as the values of velocity of the bottom-most point do not vary much; they stay either all
positive or all negative for a constant rotational speed.
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(a)

(b) (c)

Figure 9. BP-NN predictions for the spreadability metric of spread layer porosity, Φ for the case of
spreading Ti-6Al-4V powder on an additively manufactured spreading substrate with Sq = 79 μm
(a) Regressed surface (b) Training data (c) Test data.

Figure 7 shows the variation of spread throughput, Qs with spreader speeds. Similar to Ms,
there is an increase in Qs as the rotational speed of roller decrease from a positive value to zero.
There is a sudden jump in the value of Qs as the direction of rotation of roller changes from positive
(i.e., anti-clockwise) to negative (i.e., clockwise). This is again, as was seen in the case of Ms, due to
the fact that spreading with negative roller rotational speeds results in the deposition of multiple
powder layers while spreading with positive roller rotational speed results in the deposition of a single
layer of powder. Once again, as in Ms, as the negative rotation speed increases in magnitude, Qs first
increases then decreases. A monotonic increase in spread throughput can be seen with increasing roller
translation speed. This is expected as spread throughput is directly proportional to the translation
speed of roller (see Equation (5)).

95



Metals 2019, 9, 1176

Figure 8 shows the variation of spread layer roughness, Rq with spreader speeds. The spread
layer roughness, for a constant translation speed, is minimum for the case where roller has zero
rotation speed. The spread layer roughness increases with increase in the magnitude of the rotational
speed. The increase in Rq is much more drastic for negative rotational speeds than for positive
rotational speeds.

Figure 9 shows the variation of spread layer porosity, Phi with spreader speeds. Φ increases
monotonically with increasing translation speed, at a constant rotation speed of roller. Similar to the
previous spread layer properties, there is a sudden increase in layer porosity as the rotation of roller
changes from positive to negative. The maximum spread layer porosity occurs when the net speed at
the bottom-most point of the roller is zero.

Depending on the application of the part being 3D printed, it might be desirable to have least
porosity or least roughness but always maximum spread throughput. Once a 3D printer operator
knows the desired minimum porosity (or roughness) he/she can use these blanket plots to determine
the U-ω pair which has the maximum throughput.

It is difficult to present the information shown in the blankets plots of Figures 6–9 on a single
process map due to the higher dimensionality of this data. However, it is possible to present
the information from the four layer properties on a single plot by creating hybrid properties like
((Rq normalized by the maximum (Rq)) * ((Φ normalized by maximum (Φ)) and ((Qs normalized by
the maximum (Qs)) * ((Ms normalized by maximum (Ms)). The first hybrid property is indicative of
layer defects while the second is indicative of speed of printing. Most of the applications will need
minimum of the first hybrid property and maximum of the second hybrid property. A process map
with these hybrid properties is shown in Figure 10. For a given Rq, Φ pair, the rightmost point on
the process map corresponds to the maximum throughput or print speed. A 3D printer operator can
perform a spread at a U-ω pair and examine the roughness (Rq) and the porosity (Φ) of the layer
and also find the corresponding U-ω point on the spreading process map. Now, if a lower porosity
and roughness is desired then he/she can slide down along the blue contour corresponding to the U
value. But by doing so, the throughput decreases. The operator can sustain the spread throughput by
following a vertical line through the U-ω pair and moving downwards. Thus he/she can determine
the next U-ω pair at which he/she can conduct the spreading which will result in a smoother and
denser layer while sustaining the throughput. Alternatively, such a process map can be installed on a
3D printer thereby providing a layer-wise control on defects as a function of spreader speeds.

Figure 10. Spreading process map relating hybrid spread layer properties or spreadability metrics to
the translation speed U and rotational speed ω of the spreader for polydispersed Ti-6Al-4V powder.
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4. Conclusions

A modeling framework, comprised of physics-based modeling and physics model-based ML
modeling, has been presented in this study to provide spreading predictions in powder-bed AM.
The physics-based polydispersed DEM model is successfully applied to simulate the spreading
of virtual Ti-6Al-4V powder, which is modeled as a collection of 235,000 smooth, spherical and
cohesionless particles. This spreading model is further used to extract spread layer properties such
as the mass of the powder in the sampling region, spreading throughput, layer roughness and layer
porosity. A back propagation neural network is used to regress between the highly non-linear spread
layer properties, with a minimum accuracy of 96%, to provide a spreading process map which can be
installed on a 3D printer to offer layerwise control over spreading defects.

Author Contributions: Conceptualization, P.S.D. and C.F.H.III; methodology, P.S.D.; formal analysis,
P.S.D.; investigation, P.S.D. and C.F.H.III; data curation, P.S.D.; writing—original draft preparation, P.S.D.;
writing—review and editing, P.S.D. and C.F.H.III; visualization, P.S.D.; supervision, C.F.H.III; project
administration, C.F.H.III; funding acquisition, C.F.H.III

Funding: This research was funded by Carnegie Mellon University and Rice University.

Acknowledgments: Authors of this work would like to acknowledge Akash Mehta for his help on P-STAC coding.
We also thank Wentai Zhang for his inputs on Back Propagation Neural Network.

Conflicts of Interest: The authors declare no conflict of interest. The funders had no role in the design of the
study; in the collection, analyses, or interpretation of data; in the writing of the manuscript, or in the decision to
publish the results.

References

1. Frazier, W.E. Metal additive manufacturing: A review. J. Mater. Eng. Perform. 2014, 23, 1917–1928. [CrossRef]
2. ASTM International. ASTM Committee F42 on Additive Manufacturing Technologies; Subcommittee F42. 91 on

Terminology. Standard Terminology for Additive Manufacturing Technologies; ASTM International: West
Conshohocken, PA, USA, 2012.

3. Snow, Z.; Martukanitz, R.; Joshi, S. On The Development of Powder Spreadability Metrics and Feedstock
Requirements for Powder Bed Fusion Additive Manufacturing. Addit. Manuf. 2019, 28, 78–86. [CrossRef]

4. Desai, P.S. Tribosurface Interactions involving Particulate Media with DEM-calibrated Properties:
Experiments and Modeling. Ph.D. Thesis, Carnegie Mellon University, Pittsburgh, PA, USA, 2017.

5. Herbold, E.; Walton, O.; Homel, M. Simulation of Powder Layer Deposition in Additive Manufacturing Processes
Using the Discrete Element Method; Technical report; Lawrence Livermore National Lab (LLNL): Livermore,
CA, USA, 2015.

6. Parteli, E.J.; Pöschel, T. Particle-based simulation of powder application in additive manufacturing.
Powder Technol. 2016, 288, 96–102. [CrossRef]

7. Mindt, H.; Megahed, M.; Lavery, N.; Holmes, M.; Brown, S. Powder bed layer characteristics: The overseen
first-order process input. Metall. Mater. Trans. A 2016, 47, 3811–3822. [CrossRef]

8. Steuben, J.C.; Iliopoulos, A.P.; Michopoulos, J.G. Discrete element modeling of particle-based additive
manufacturing processes. Comput. Methods Appl. Mech. Eng. 2016, 305, 537–561. [CrossRef]

9. Haeri, S.; Wang, Y.; Ghita, O.; Sun, J. Discrete element simulation and experimental study of powder
spreading process in additive manufacturing. Powder Technol. 2017, 306, 45–54. [CrossRef]

10. Haeri, S. Optimisation of blade type spreaders for powder bed preparation in Additive Manufacturing using
DEM simulations. Powder Technol. 2017, 321, 94–104. [CrossRef]

11. Mindt, H.W.; Desmaison, O.; Megahed, M.; Peralta, A.; Neumann, J. Modeling of powder bed manufacturing
defects. J. Mater. Eng. Perform. 2018, 27, 32–43. [CrossRef]

12. Markl, M.; Körner, C. Powder layer deposition algorithm for additive manufacturing simulations.
Powder Technol. 2018, 330, 125–136. [CrossRef]

13. Nan, W.; Pasha, M.; Bonakdar, T.; Lopez, A.; Zafar, U.; Nadimi, S.; Ghadiri, M. Jamming during particle
spreading in additive manufacturing. Powder Technol. 2018, 338, 253–262. [CrossRef]

14. Nan, W.; Ghadiri, M. Numerical simulation of powder flow during spreading in additive manufacturing.
Powder Technol. 2019, 342, 801–807. [CrossRef]

97



Metals 2019, 9, 1176

15. Desai, P.S.; Mehta, A.; Dougherty, P.S.; Higgs, F.C., III. A rheometry based calibration of a first-order DEM
model to generate virtual avatars of metal Additive Manufacturing (AM) powders. Powder Technol. 2019,
342, 441–456. [CrossRef]

16. Escano, L.I.; Parab, N.D.; Xiong, L.; Guo, Q.; Zhao, C.; Fezzaa, K.; Everhart, W.; Sun, T.; Chen, L.
Revealing particle-scale powder spreading dynamics in powder-bed-based additive manufacturing process
by high-speed X-ray imaging. Sci. Rep. 2018, 8, 15079. [CrossRef] [PubMed]

17. Escano, L.I.; Parab, N.D.; Xiong, L.; Guo, Q.; Zhao, C.; Sun, T.; Chen, L. Investigating Powder Spreading
Dynamics in Additive Manufacturing Processes by In-situ High-speed X-ray Imaging. Synchrotron Radiat.
News 2019, 32, 9–13. [CrossRef]

18. Guo, Q.; Zhao, C.; Escano, L.I.; Young, Z.; Xiong, L.; Fezzaa, K.; Everhart, W.; Brown, B.; Sun, T.; Chen, L.
Transient dynamics of powder spattering in laser powder bed fusion additive manufacturing process
revealed by in-situ high-speed high-energy X-ray imaging. Acta Mater. 2018, 151, 169–180. [CrossRef]

19. Everton, S.K.; Hirsch, M.; Stravroulakis, P.; Leach, R.K.; Clare, A.T. Review of in-situ process monitoring and
in-situ metrology for metal additive manufacturing. Mater. Des. 2016, 95, 431–445. [CrossRef]

20. Baumann, F.W.; Sekulla, A.; Hassler, M.; Himpel, B.; Pfeil, M. Trends of machine learning in additive
manufacturing. Int. J. Rapid Manuf. 2018, 7, 310–336. [CrossRef]

21. Mies, D.; Marsden, W.; Warde, S. Overview of additive manufacturing informatics: “A digital thread”.
Integr. Mater. Manuf. Innov. 2016, 5, 6. [CrossRef]

22. Bock, F.E.; Aydin, R.C.; Cyron, C.J.; Huber, N.; Kalidindi, S.R.; Klusemann, B. A Review of the Application
of Machine Learning and Data Mining Approaches in Continuum Materials Mechanics. Front. Mater. 2019,
6, 110. [CrossRef]

23. Kamath, C. Data mining and statistical inference in selective laser melting. Int. J. Adv. Manuf. Technol. 2016,
86, 1659–1677. [CrossRef]

24. Zhao, X.; Rosen, D.W. A data mining approach in real-time measurement for polymer additive manufacturing
process with exposure controlled projection lithography. J. Manuf. Syst. 2017, 43, 271–286. [CrossRef]

25. DeCost, B.L.; Jain, H.; Rollett, A.D.; Holm, E.A. Computer vision and machine learning for autonomous
characterization of am powder feedstocks. Jom 2017, 69, 456–465. [CrossRef]

26. Yao, X.; Moon, S.K.; Bi, G. A hybrid machine learning approach for additive manufacturing design feature
recommendation. Rapid Prototyp. J. 2017, 23, 983–997. [CrossRef]

27. Uhlmann, E.; Pontes, R.P.; Laghmouchi, A.; Bergmann, A. Intelligent pattern recognition of a SLM machine
process and sensor data. Procedia Cirp 2017, 62, 464–469. [CrossRef]

28. Gu, G.X.; Chen, C.T.; Richmond, D.J.; Buehler, M.J. Bioinspired hierarchical composite design using machine
learning: Simulation, additive manufacturing, and experiment. Mater. Horiz. 2018, 5, 939–945. [CrossRef]

29. Wu, D.; Wei, Y.; Terpenny, J. Surface Roughness Prediction in Additive Manufacturing Using Machine
Learning. In Proceedings of the ASME 2018 13th International Manufacturing Science and Engineering
Conference, June 18–22, College Station, TX, USA, 2018.

30. Gobert, C.; Reutzel, E.W.; Petrich, J.; Nassar, A.R.; Phoha, S. Application of supervised machine learning for
defect detection during metallic powder bed fusion additive manufacturing using high resolution imaging.
Addit. Manuf. 2018, 21, 517–528. [CrossRef]

31. Bessa, M.; Pellegrino, S. Design of ultra-thin shell structures in the stochastic post-buckling range using
Bayesian machine learning and optimization. Int. J. Solids Struct. 2018, 139, 174–188. [CrossRef]

32. Scime, L.; Beuth, J. A multi-scale convolutional neural network for autonomous anomaly detection and
classification in a laser powder bed fusion additive manufacturing process. Addit. Manuf. 2018, 24, 273–286.
[CrossRef]

33. He, H.; Yang, Y.; Pan, Y. Machine learning for continuous liquid interface production: Printing speed
modelling. J. Manuf. Syst. 2019, 50, 236–246. [CrossRef]

34. Li, Z.; Zhang, Z.; Shi, J.; Wu, D. Prediction of surface roughness in extrusion-based additive manufacturing
with machine learning. Robot. Comput.-Integr. Manuf. 2019, 57, 488–495. [CrossRef]

35. Zhang, J.; Wang, P.; Gao, R.X. Deep learning-based tensile strength prediction in fused deposition modeling.
Comput. Ind. 2019, 107, 11–21. [CrossRef]

36. Zhang, W.; Mehta, A.; Desai, P.S.; Higgs, C.F., III. Machine Learning enabled Powder Spreading Process Map
for Metal Additive Manufacturing (AM). In Proceedings of the 28th Annual International Solid Freeform
Fabrication Symposium, Austin, TX, USA, 7–9 August 2017; pp. 1235–1249.

98



Metals 2019, 9, 1176

37. Cundall, P.A.; Strack, O.D. A discrete numerical model for granular assemblies. Geotechnique 1979, 29, 47–65.
[CrossRef]

38. Zeltmann, S.E.; Gupta, N.; Tsoutsos, N.G.; Maniatakos, M.; Rajendran, J.; Karri, R. Manufacturing and
security challenges in 3D printing. Jom 2016, 68, 1872–1881. [CrossRef]

39. Tang, P.; Puri, V. Methods for minimizing segregation: A review. Part. Sci. Technol. 2004, 22, 321–337.
[CrossRef]

40. Dougherty, P.S.; Marinack, M.C., Jr.; Sunday, C.M.; Higgs, C.F., III. Shear-induced particle size segregation in
composite powder transfer films. Powder Technol. 2014, 264, 133–139. [CrossRef]

© 2019 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

99





metals

Article

Comparison between Virgin and Recycled 316L SS
and AlSi10Mg Powders Used for Laser Powder Bed
Fusion Additive Manufacturing

Shahir Mohd Yusuf, Edmund Choo and Nong Gao *

Materials Research Group, Faculty of Engineering and Physical Sciences, University of Southampton,
Southampton SO17 1BJ, UK; symy1g12@soton.ac.uk (S.M.Y.); eztc1a15@soton.ac.uk (E.C.)
* Correspondence: N.Gao@soton.ac.uk; Tel.: +44-023-8059-3396

Received: 18 November 2020; Accepted: 1 December 2020; Published: 3 December 2020

Abstract: In this study, the comparison of properties between fresh (virgin) and used (recycled)
316L stainless steel (316L SS) and AlSi10Mg powders for the laser powder bed fusion additive
manufacturing (L-PBF AM) process has been investigated in detail. Scanning electron microscopy
(SEM), electron-dispersive X-ray spectroscopy (EDX), and X-ray diffraction (XRD) techniques are used
to determine and evaluate the evolution of morphology, particle size distribution (PSD), circularity,
chemical composition, and phase (crystal structure) in the virgin and recycled powders of both
materials. The results indicate that both recycled powders increase the average particle sizes and
shift the PSD to higher values, compared with their virgin powders. The recycled 316L SS powder
particles largely retain their spherical and near-spherical morphologies, whereas more irregularly
shaped morphologies are observed for the recycled AlSi10Mg counterpart. The average circularity of
recycled 316L SS powder only reduces by ~2%, but decreases ~17% for the recycled AlSi10Mg powder.
EDX analysis confirms that both recycled powders retain their alloy-specific chemical compositions,
but with increased oxygen content. XRD spectra peak analysis suggests that there are no phase
change and no presence of any undesired precipitates in both recycled powders. Based on qualitative
comparative analysis between the current results and from various available literature, the reuse of
both recycled powders is acceptable up to 30 times, but re-evaluation through physical and chemical
characterizations of the powders is advised, if they are to be subjected for further reuse.

Keywords: virgin; recycled; metal powders; laser powder bed fusion; additive manufacturing

1. Introduction

Laser powder bed fusion (L-PBF) is one of the main categories of metal additive manufacturing
(AM) technology, in which selective laser melting (SLM) is a widely used technique under this
category. In the SLM process, a focused laser beam is used to selectively melt multiple layers of
powder bed in succession and produce complex, functional metallic components according to the initial
computer-aided-design (CAD) file [1]. To date, a wide range of metals and alloys have been successfully
fabricated by SLM, including 316L SS, 304L SS, 15-5 PH SS, AlSi10Mg, Scalmalloy (AlMgSc), CoCr,
IN 718, Ti6Al4V, and CuSn10 for various functional use, especially in the aerospace, biomedical, and
automotive industries.

To date, a significant amount of research on metal AM has focused on the process–microstructure
–property relationship. In particular, emphasis is given on the influence of various processing parameters
such as laser power, scan speed, scan line (hatch) spacing, and layer thickness on the microstructures and
the resulting properties such as fracture, yield, and tensile strengths, fatigue life, as well as corrosion
and tribological properties [2–8]. Studies have shown that AM-fabricated metallic components
can possess similar or even enhanced properties, compared to conventionally manufactured (CM)
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parts [9–12]. Such improvements in these properties, e.g., strength, have been generally attributed to
the unique multi-scale microstructures, much finer grain sizes, and the presence of ultrafine/nano-sized
precipitates [13–20]. Furthermore, efforts for the standardization and qualification of metal AM parts
have been actively carried out by organizations such as the American Society for Testing and Materials
(ASTM) and the National Institute of Standards and Technology (NIST) by publishing various standards
pertaining to additively manufactured metallic components [21–27].

While research into the process–microstructure–property relationship of AM metallic parts is
certainly important, another equally essential aspect that has been given less attention is the properties
of the metal powder used for AM processing, i.e., the feedstock materials. So far, available studies in the
literature have revealed that the quality of these feedstock materials play a major role in determining
the quality of the as-built AM parts, particularly densification levels and porosity contents [28–30].
In fact, the quality of metal powders used for AM is often assessed through their physical properties
such as particle size, particle size distribution (PSD), morphology, packing density and flowability,
as well as their chemical composition. In turn, the quality of metal powders is significantly determined
by the powder manufacturing method, in which water atomization (WA), gas atomization (GA),
and the plasma rotating electrode process (PREP) are prevalent techniques [28,31–35]. Nevertheless,
for L-PBF AM, high packing density and high flowability are desired to ensure optimal powder melting
and homogeneous deposition of the powder bed layers [36]. Thus, in terms of morphology, smooth,
spherical particles with as little satellites/defects as possible are desirable [29,37–39]. In addition,
Hajnys et al. [37], Liu et al. [40], and Benson et al. [41] explained that a wide PSD with a mix of large
and fine particle sizes can improve the packing density of the powder bed through the accumulation
of the fine powders within the interstitial spaces that exist around the larger powder particles.
However, some studies have also shown slightly reduced flowability when a wide PSD is used for AM
fabrication due to increased inter-particle friction, thereby suggesting that some compromise is needed
when selecting the particle sizes to attain the highest possible packing density while maximizing
flowability [42–44]. On the other hand, several researchers recommend different nominal powder
particle sizes to be used as the starting feedstock for L-PBF AM processes, e.g., 10–60 [28], 10–45 [29],
and 5–80 μm [45]. Nonetheless, regardless of the particle size range chosen for AM processing,
the powder particles need to be spherical and free from defects as mentioned previously.

On the other hand, back in 2016, Honeywell projected that the metal AM industry will experience
an immense growth amounting to $3.1 billion over the next 5–10 years [46]. However, the relatively
high cost of virgin powders for L-PBF AM (~$100–$200/kg) and high usage volume per build (~40–50 kg
is needed to fill the powder dispenser of the L-PBF machine) could be a major obstacle that could
increase the overall production cost along the supply chain [47–52]. Thus, it is often economically
viable to reuse/recycle the powders for further build cycles. However, the recycling of used powders
may induce alterations in their physical properties and chemistry, which could affect the eventual
mechanical properties of the as-built parts [27]. In fact, studies have shown that the recycled powders
will almost always have larger particle sizes, rougher surface areas, reduced particle circularity,
increased contamination, and a higher uptake of oxygen, nitrogen, or other inert gases regardless of
the number of reuse times [53–61].

For example, Zhang et al. [47] attributed the rougher texture with the increased number of
satellites in recycled 15-5 PH SS powder used for L-PBF to the repeated heating/cooling cycles during
processing and increased inter-particle friction during powder bed recoating, as compared to its virgin
counterpart. Galicki et al. [56] and Heiden et al. [57] both reported increased uptakes of oxygen in
recycled 316L SS powder due to the oxidation that occurs during the manufacturing and the presence
of residual oxygen in the build chamber. Similarly, Gorji et al. [38] detected an increase in the metal
oxide content in recycled 316L SS powder, while the initially spherical particles evolved into a more
irregularly shaped morphology, together with the presence of agglomerates and spatter. However,
Mellin et al. [62] and Lutter-Gunther et al. [63] discovered an insignificant change in oxidation level in
recycled 316L SS powders, and hypothesized that the elements that have high affinity to oxygen such as
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Cr, Mn, and Fe diffuse out of the powder surface during the AM fabrication process. Nevertheless, any
increased oxygen absorption and oxide formation need to be taken into consideration before reusing
the recycled powders as they may adversely affect the performance of the eventual as-built parts
during service [28,29]. On the other hand, Hajnys et al. [37] observed an increase in the PSD of recycled
316L SS powder but considered further reuse to be acceptable. Similarly, although Nezhadfar et al. [64]
observed more of satellites and porosity on the surface of recycled 316L SS powder after 12 times of
reuse, they reported an inconclusive trend in the ductility and mechanical strength in the solidified
parts. Interestingly, some studies have also shown that a phase change could occur in recycled 316L
SS and other SS alloys after >10 times of reuse without any considerable changes in the physical and
chemical properties, as well as apparent density and hardness, implying that the recycled powders can
still be reused for further build cycles [57,65].

Moreover, other direct investigations on the packing density and flowability of virgin and recycled
powders for L-PBF based on established ASTM standards have shown some interesting results.
For example, Seyda et al. [66] observed an increased flowability of recycled Ti6Al4V powder after
12 reuse times, which was attributed to the reduced number of satellites and fine particles despite the
coarsening of the powder particles, which become increasingly irregularly shaped with increasing PSD
values [66]. Quintana et al. [55] reported similar results in recycled Ti6Al4V powder with increasing
content of oxygen from 0.09 wt.% to 0.13 wt.% after 31 reuse times. They even reported comparatively
higher tensile strength in the parts built using the recycled powder due to the oxide strengthening
effect. However, Tang et al. [67] revealed that while the Ti6Al4V powder particles became rougher and
less spherical with fewer satellites after 21 build cycles, the PSD actually became narrower but still
exhibited improved flowability without any compromise on the tensile properties in the as-built parts.
In addition, Cordova et al. [36] studied the physical and chemical properties, as well as packing density
and flowability, of virgin and recycled Ti6Al4V, AlSi10Mg, Scalmalloy, and IN 718 for various reuse
times. In general, the recycled powders displayed an increased flowability and maintained a high
packing density due to the reduced number of satellites and fine particles. They concluded that these
would enable optimal powder melting and subsequently homogeneous deposition of the powders on
the build platform.

Hence, these studies have shown the importance of evaluating and understanding the changes that
occur in powders after undergoing numerous build cycles in terms of quality control and consideration
for further reuse of the recycled powders for AM fabrication. However, comprehensive studies are still
limited in terms of the correlation of the changes in the physical and chemical properties of virgin and
recycled metal powders for AM processing, and their feasibility for further reuse [24,36,55]. Therefore,
in this study, the physical and chemical properties of virgin and recycled 316L SS and AlSi10Mg
powders used particularly for SLM processing were characterized and compared via the following
approaches: (i) Microstructural observations through scanning electron microscopy (SEM), (ii) chemical
composition analysis through electron-dispersive X-ray spectroscopy (EDX), and (iii) phase analysis
through X-ray diffraction (XRD). The results from this study were then compared with those in the
available literature to qualitatively assess the suitability of these recycled powders for further reuse.

2. Materials and Methods

Four batches of gas-atomized 316L SS and AlSi10Mg powders (2 fresh sets (virgin), and 2 used
sets (recycled)) were used in this study. The fresh powders were obtained in their as-received state
from the supplier, Concept Laser, while the recycled powders were taken from the powder dispenser
container in the Laser Cusing M2 SLM machine. The following are the chemical compositions of the
virgin powders as listed by Concept Laser (in wt.%): (i) 316L SS; Cr: 16.5–18.5; Ni: 10.0–13.0; Mo:
2.0–2.5; Mn: 0–2.0; Si: 0–1.0; P: 0–0.045; C: 0–0.03; S: 0–0.03; Fe: Bal. and (ii) AlSi10Mg; Si: 10.5–13.5;
Mg: 0–0.05; Fe: 0–0.55; Mn: 0–0.35; Ti: 0–0.15; Cu: 0–0.05; Zn: 0–0.10; C: 0–0.05; Ni: 0–0.05; Pb: 0–0.05;
Sn: 0–0.05, Al: Bal.

103



Metals 2020, 10, 1625

The recycled powders have been used about 20 times prior to collection. It should be noted that
during the SLM process, the build chamber was purged with nitrogen to limit contamination and
oxidation as much as possible. In addition, the recycled powders were also sieved for particles larger
than 80 μm for 316L SS, and 50 μm for AlSi10Mg prior to characterization.

The size, morphology, circularity, and distribution of the virgin and recycled powder particles were
evaluated via JSM-JEOL 9500 scanning electron microscopy (SEM, JEOL Tokyo, Japan) observations
combined with analysis of the SEM images using ImageJ software (V 1.52, NIH and LOCI, Wisconsin,
WI, USA). The changes in chemical composition between the virgin and recycled powders were
assessed using EDX analysis, while phase evolution was determined through X-ray diffraction (XRD)
analysis using a Bruker D2 Phaser powder diffraction machine (θ/2θ configuration, range: 40–100◦,
Bruker, Billerica, MI, USA).

3. Results and Discussion

3.1. Microstructural Analysis

3.1.1. Morphology and Distribution

The morphology and cumulative particle size distribution (PSD) of the virgin and recycled 316L
SS and AlSi10Mg powders are shown in Figure 1. It is clear that the powder particles for both virgin
powders are largely spherical or near-spherical (Figure 1a,d), but some irregularly shaped particles,
such as cylindrical and tear-drop morphologies, can be observed for the virgin AlSi10Mg powders
(Figure 1d). The surfaces of the recycled powders also appear rougher compared to the initially smooth
virgin powders. In addition, fine particles called satellites (<5 μm) are attached to the surface of the
virgin 316L SS and AlSi10Mg powders (e.g., dashed arrows of the zoomed areas in Figure 1a,d), which is
common in virgin metallic powders produced by the gas atomization process [37,42,68]. However,
fewer satellites are observed in both recycled powders as shown in Figure 1b,d, often attributed to
their detachment from the surface of unmelted powder particles when they are being blown off from
the as-built AM parts [27,55,67].

 

Figure 1. (a) Virgin, (b) recycled, and (c) cumulative particle size distribution of 316L SS powders;
(d) virgin, (e) recycled, and (f) cumulative particle distribution of AlSi10Mg powders. Dashed arrows
of the zoomed areas inset of (a,d) show satellites on the surface of the virgin powders.
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In addition, the agglomeration of small powder particles on the larger ones could be observed for
the recycled 316L SS, as shown in Figure 1b. Such agglomerates are typically caused by the spattering
of unmelted powders (powder spatter) from the powder bed upon contact with the laser heat source
during SLM fabrication, which are then attached to other unconsolidated or semi-consolidated powder
particles [36–38,47]. Similarly, other studies have shown that such agglomerates could also arise from
melted powder particles that are ejected from the powder bed (droplet spatter), which eventually
solidify during the flight and then either adhere to the as-fabricated part or impinge on other powder
particles [69–72].

Although the recycled 316L SS powders largely retain their spherical/near-spherical shape
(Figure 1b), the recycled AlSi10Mg powders generally deform into more irregular shapes (Figure 1e).
Interestingly, the powder particles are apparently larger for both sets of recycled powders (Figure 1b,e)
compared to their virgin counterparts (Figure 1a,d). This is also quantified by the cumulative
distribution function showing the average particle size (D50) of the virgin and recycled powders
(Figure 1c,f). The values of D50 for virgin and recycled 316L SS powders are ~22 μm and ~29 μm,
respectively, which are higher than those of the virgin and recycled AlSi10Mg powders: ~11 μm and
~13 μm, respectively. These could be ascribed to the melting of smaller powder particles during the
previous SLM processing [47]. The higher D50 values for the recycled powders in this study are similar
to those obtained for various recycled AM metal powders observed in other studies, which often show
a wider distribution and variation in particle sizes [36,58,59]. Nevertheless, Figure 2 indicates that the
316L SS powder consists of a wide range of particle sizes with broad size distribution (0–80 μm) when
compared with the AlSi10Mg powder that comprises relatively finer particle sizes with narrower size
distribution (0–50 μm).

On the other hand, several noteworthy observations can be made from the morphologies of the
recycled 316L SS and AlSi10Mg powders shown by the high-magnification SEM images in Figure 2.
For example, Figure 2a,d show the deformation of powders into more irregular shapes and visibly
rougher surface texture compared to the initially smooth virgin powder particles. A number of factors
have been related to these occurrences, including: (i) Continuous melting and cooling cycles of AM
processing, (ii) remelting of powders upon exposure to the laser heat source, (iii) friction among
powder particles during the spreading of successive powder bed layers, and long exposure times to
high temperatures during the fabrication process [29,36,67,73].

 

Figure 2. Examples of powder morphologies for recycled 316L SS (a–c) and AlSi10Mg (d–f):
(a,d) Deformed powders, rough surface, and sintering necks (circled area in Figure 2d); (b,e) incomplete
powder melting and fusion; and (c,f) powder agglomeration due to spatter.
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In addition, a sintering neck can be observed to form between two adjacent powder particles
of the recycled AlSi10Mg powders, as shown by the circled area in Figure 2d. Similarly, Figure 2b
exhibits the fusion of a partially melted powder particle with an unmelted one for the recycled 316L SS,
while an example of the incomplete fusion of differently sized powders in recycled AlSi10Mg is shown
in Figure 2e. Altogether, the occurrence of these phenomena can be attributed to the insufficient heat
input and considerable temperature difference between loose powders and powders that are already
fused [74–76]. They have been identified as undesirable defects that contribute not only to the surface
roughness of as-built AM parts, but also, more importantly, to the porosity that could compromise
their strength and service properties [6,67,68,77].

Furthermore, the agglomeration of powder particles due to droplet and powder spatter, previously
observed in Figure 1b,e, are shown in more detail in Figure 2c,f for recycled 316L SS and AlSi10Mg
powders, respectively. In both cases, the size of the agglomerates is measured as >45 μm. For 316L
SS, much smaller powder particles ranging from 5 to 15 μm are impinged on larger powder particles
of >45 μm. As for AlSi10Mg, particles with sizes of 5–20 μm are observed to be clustered together,
whereas larger particles remain either free from such agglomerates, or only have fewer satellites
attached onto them. Interestingly, the clumped particles are of different morphologies that include
spherical, near-spherical, and irregularly shaped ones. This is in contrast with the agglomerates in
recycled 316L SS, in which much smaller spherical or near-spherical powder particles are attached to
the larger powder particles with similar morphologies. These can be ascribed to the higher tendency
of fine particle sizes with narrow size distribution to agglomerate, compared to those possessing
comparatively larger particle sizes and wider size distribution, as is the case for the AlSi10Mg and
316L SS powders in this study, respectively [78,79].

Moreover, the histograms in Figure 3 reveal the PSD of the virgin and recycled 316L SS and
AlSi10Mg powders in more detail. Both virgin and recycled 316L SS powders (Figure 3a,b) exhibit a
comparatively wider size distribution than those of AlSi10Mg powders (Figure 3c,d), ranging from
0 to 80 μm and 0 to 50 μm, respectively. A clear shift toward higher PSD values, i.e., increasing
percentages of larger particle sizes, can be observed: >25 μm for 316L SS (Figure 3b) and >10 μm for
AlSi10Mg (Figure 3d). At the same time, fewer fine particles ranging from 0 to 5 μm can be observed in
the recycled powders (Figure 3b,d). This confirms the higher D50 values observed for the recycled
powders shown by the cumulative PSD graphs Figure 1c,f, which can be attributed to the presence of
agglomerates and the removal of satellites during AM fabrication [36,67].
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Figure 3. Powder particle size distribution of virgin and recycled 316L SS (a,b respectively) and
AlSi10Mg (c,d respectively) powders.

3.1.2. Circularity

In addition to SEM observations that provide visual and qualitative assessments of the powder
particle shapes, the circularity factor, C, is introduced to evaluate the morphology of the virgin and
recycled 316L SS and AlSi10Mg powders, given by the formula [80]:

C = 4πA/P2 (1)

where P is the perimeter (μm) and A is the pore area (μm2), both determined from the ImageJ software.
C values close to 1 indicate near-perfect circular particles, while C values close to 0 demonstrate
increasingly irregularly shaped particles. The results of the calculations are shown in Table 1.

Table 1. Average circularity of virgin and recycled 316L SS and AlSi10Mg powders.

Powder
Circularity Percentage Reduction

(%)Virgin Recycled

316L SS 0.89 ± 0.11 0.87 ± 0.13 2.3

AlSi10Mg 0.83 ± 0.17 0.69 ± 0.31 16.9

It is clear that the virgin powders possess higher average circularity values than the recycled
powders, with a slightly higher value in 316L SS (0.89 ± 0.11) than AlSi10Mg (0.83 ± 0.17). This suggests
rounder and more regular shapes in the virgin 316L SS compared to the virgin AlSi10Mg, confirming
the SEM observations in Figure 1a,d. The average circularity of recycled 316L SS powder remains
virtually unchanged at 0.87 ± 0.13, while that of recycled AlSi10Mg powder decreases to 0.69 ± 0.31.
This correlates well with the observations in Figure 1b,d, in which the 316L SS powder particles
largely retain their spherical or near-spherical shapes, whereas the AlSi10Mg powder particles tend to
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deform into more irregular shapes upon reuse for SLM fabrication. On the other hand, representative
visual examples of powder particle circularity are shown in Figure 4. A range of morphologies can
be observed with the corresponding circularity, with the highest circularity, C = 1, obtained from
virgin 316L SS powder (Figure 4a), and the lowest circularity was evaluated as C = 0.38 from recycled
AlSi10Mg powder (Figure 4e).

 

Figure 4. Examples of particle circularity for the metal powders used in this study. Representative
images of (a,b) are taken from 316L SS, while those of (c–e) are taken from AlSi10Mg.

3.2. Compositional Analysis

Semi-quantitative EDX analysis was conducted on the surface of the virgin and recycled 316L SS
and AlSi10Mg powders to determine their chemical compositions, and the results are presented in
Table 2.

Table 2. Chemical composition of virgin and recycled powders via electron-dispersive X-ray
spectroscopy (EDX) analysis (wt.%).

Element
316L SS AlSi10Mg

Virgin Recycled Virgin Recycled

Fe 61.71 ± 0.08 60.38 ± 0.05 - -
Ni 12.92 ± 0.04 11.89 ± 0.05 - -
Cr 18.43 ± 0.06 17.55 ± 0.03 - -
Al - - 86.97 ± 0.07 86.16 ± 0.05
Si 0.94 ± 0.01 1.11 ± 0.02 11.09 ± 0.04 10.43 ± 0.03

Mg - - 0.45 ± 0.03 0.40 ± 0.04
Mn 1.96 ± 0.03 2.18 ± 0.01 - -
Mo 2.46 ± 0.02 2.21 ± 0.03 - -
O 1.42 ± 0.07 4.68 ± 0.09 1.49 ± 0.08 3.01 ± 0.08

It can be observed that the composition of the main elements in both virgin powders determined
via EDX analysis (Table 2) corresponds well and is within the range of the supplier-listed compositions
detailed in Section 2. In addition, the composition of most elements for the virgin and recycled powders
only fluctuates slightly and remains stable, except for oxygen. For 316L SS, the oxygen content in the
recycled powder increases by ~3 times compared to the virgin powder, whereas it doubles that of the
virgin powder for the recycled AlSi10Mg. The increase in oxygen content in the recycled powders is
expected and has been observed in various metal powders that have undergone AM processing in
other studies [36,47,55,67]. The higher percentage of oxygen in recycled AM powders can be attributed
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to a number of factors, including: (i) Oxygen pick-up due to contaminants, moisture, and residual
oxygen that might still be present within the build chamber despite being purged with protective inert
gases such as argon and nitrogen (this study); (ii) vaporization of oxygen (a trace element) from the
powder surface that might already exist during powder production upon contact with the laser heat
source; and (iii) the exposure of powder to ambient air during their removal from the as-received part,
during the sieving process, as well as during powder handling and storage [36,38,67].

In particular, several studies in the field of powder metallurgy have also shown the strong affinity
of major alloying elements such as Mn and Si to oxygen and the selective oxidization on the powder
surface [81–83], which might also be the case for the 316L SS and AlSi10Mg powders subjected to AM
fabrication in this study, respectively. In fact, Simonelli et al. [69] found that the high affinity of Mn
and Si to oxygen was the reason that both elements were selectively oxidized on the surface of molten
material spatter-ejected from the powder bed, which then solidify during flight in the build chamber.
Nevertheless, further study could include EDX map analysis for visual confirmation of the presence of
these oxides on the surface of these powders. In addition, an important thing to note is that EDX is
commonly used as a semi-quantitative tool to determine the chemical composition of a material, but the
exact values detected might not be accurate, particularly for trace elements such as oxygen [42,47,61].
Thus, more detailed surface chemical analysis is necessary, such as by using X-ray photoemission
spectroscopy (XPS) and inductively coupled plasma mass spectrometry (ICP-MS), to obtain a more
accurate reading of the chemical compositions, as well as to detect thin surface oxide layers that
may be present on the surface of the powders [47,70]. Nonetheless, the EDX analysis in this study
adequately captures the trend of increasing oxygen content in the recycled powders, and suggests that
the deviations in chemical compositions are within the acceptable range for both materials [84,85].

3.3. Phase Analysis

The phase identification of the virgin and recycled 316L SS and AlSi10Mg powders is shown by
the XRD spectra in Figure 5.

 

Figure 5. XRD spectra of virgin and recycled 316L SS (a) and AlSi10Mg (b) powders.

Figure 5a shows no phase change for both virgin and recycled 316L SS powder, such that they
remain a single γ-austenite FCC structure. Similarly, the recycled AlSi10Mg powder exhibits identical
peaks of Al and Si as the virgin counterpart (Figure 5b). No additional peaks can be observed,
suggesting that any change in phase (if any) is below the XRD detection limit and represents very little
contamination within the build chamber, and therefore, it is negligible [38,70]. However, the hypothesis
of insignificant contamination during the AM build cycle might seem paradoxical, seeing that the
EDX results show increasing oxygen content in the recycled powder that is often associated with the
presence of contaminants inside the build chamber. Thus, the more reasonable explanation is that
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even though no phase change can be observed in the XRD spectra, it could still occur but below the
limit of detection of the XRD equipment used in this study. Furthermore, nitrogen is known as an
austenite stabilizer and, especially for 316L SS, the presence of nitrogen in the build chamber during
AM processing might even suppress the formation of other phases despite the three-fold increase in
oxygen content detected by EDX analysis in the recycled powder.

In fact, Heiden et al. [57] conducted electron-backscattered diffraction (EBSD) and XRD analyses on
virgin and recycled 316L SS and observed the presence of the δ-ferrite BCC phase in the recycled powder
(reused for 30 times). Jacob et al. [65] observed a progressive increase in ferritic-martensitic BCC phase
in 17-4 PH stainless-steel powder via XRD analysis after a minimum use of four times. In addition,
Simonelli et al. [69] detected an enrichment of thin Mn and Mg oxide films on the surface of recycled
316L SS and AlSi10Mg powders through EDX maps analysis, respectively. They attributed the growth
of these oxide films to the volatile nature of Mn and Mg and their high affinity toward oxygen [5,60,86].
Therefore, future investigations could include carrying out EDX mapping, electron-backscattered
diffraction (EBSD), and transmission electron microscopy (TEM) analyses to determine sub-micron-scale
phase and microstructures, which can definitively confirm whether other phases can be observed in
the recycled powders.

4. Discussion

It is known that flowability and packing density are two of the most important qualities of metal
powders that are to be used for PBF AM processing as they have considerable influence on the quality
of as-built parts, together with the processing parameters applied [42,87,88]. Altogether, these two
properties are determined by the particle size, PSD, morphology, and chemical composition of the
powders [61,66,70]. However, with increasing number of uses, the virgin powders with initially
favorable properties will undergo physical and chemical changes that require further evaluation
before a decision can be made about whether they can be reused. Based on the guidelines proposed
by Cordova et al. [36], it is recommended to consider the following five key aspects in assessing
the suitability of reusing the powders, including: (i) Particle size distribution (PSD), (ii) powder
morphology, (iii) chemical composition, (iv) flowability, and (v) packing density.

First, the nominal powder PSD typically used for SLM is in the range of 10–45 μm, which is
much finer than those used for other PBF processes, such as electron beam melting (EBM) (45–106 μm)
and directed energy deposition (DED) (20–200 μm) [28,29,89]. This is because of the architecture of
SLM machines that only allows for fine powder distributions to reduce surface roughness by utilizing
lower layer thicknesses, as compared with those of EBM and DED counterparts that enable the use of
higher layer thicknesses and larger particle sizes [90]. Based on the results in this study, the PSD for
both recycled powders fall within this range, up to 80 μm for 316L SS and up to 50 μm for AlSi10Mg.
In particular, the recycled 316L SS powder can be further sieved to remove the agglomerates and
unmelted particle sizes of >45 μm.

Secondly, powder morphology has been identified as another important aspect that needs to be
examined as it significantly influences flowability and packing density. Smooth, spherical, and dry
particles possess the best flowability characteristics due to the low inter-particle friction that enable the
deposition of densely solidified layers and produces homogeneous microstructures [42,91]. On the
other hand, powder particles with rough surfaces and more irregular shapes reveal larger specific
surfaces that increase surface friction between them, typically reducing flowability and leaving voids
and gaps that lead to porosity in the as-built parts [47,68]. Therefore, to be considered for further reuse,
the guidelines provided by Cordova et al. [36] recommended that the circularity factor of the recycled
powders needs to be as close to 1 as possible, or at least ≥7.0. In this study, there are no issues with
the recycled 316L SS powders as the average circularity is ~0.87, which does not differ much from its
virgin counterpart (~0.89). However, the average circularity of recycled AlSi10Mg is ~0.69, which is
on the borderline value suggested. Thus, the recycled AlSi10Mg might still be considered for a few
more uses, but only for noncritical components outside of high-risk industries, e.g., in the aerospace
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sector and some biomedical applications [38]. Furthermore, reuse after >30 build cycles is generally
not recommended, due to severe degradation that deteriorates the quality of the metal powders, as has
often been observed in powders of various metallic materials, including considerable agglomerates
and satellites, and noticeable deformation and distortion into highly irregular shapes [55,57,68,92].

Thirdly, the chemical composition of the recycled powders must be measured to ensure that they
remain within alloy-specific compositions, and to address the issues of losses due to evaporation
such as spatter, contamination within the build chamber and during powder handling and recovery,
as well any pick-up of oxygen or other trace elements such as nitrogen or argon during the AM build
process [29,36]. In addition, no (significant) phase change should occur in the recycled powder, as any
changes in the crystal structure, e.g., through additional peaks in the XRD spectra, or any precipitates
and oxide layers detected from TEM or XPS, would result in considerable contamination that could
negatively impact the structural and mechanical properties of the fabricated parts [38,70]. In the present
investigation, EDX analysis shows a 2–3 times increase in oxygen content for both recycled powders,
which could be caused by residual oxygen present in the chamber, or evaporation of entrapped oxygen
within the powders (from the gas atomization powder production process) due to powder and droplet
spatter [1,93]. Nevertheless, the XRD spectra analysis does not show any unexpected peaks in the
recycled powders, and their chemical compositions remain within the acceptable range of both 316L SS
and AlSi10Mg alloys. Therefore, based on the EDX and XRD results, at least, the further reuse of both
recycled powders is considered acceptable. However, if more detailed analyses such as through XPS,
EBSD, EDX mapping, and TEM reveal undesired precipitates, oxides, or phases in the recycled powders,
then the recycled powders should not be used for any structural or other critical end-use applications.

The last two guidelines from Cordova et al. [36] recommend the flowability and packing density
of the recycled powders to be directly measured through analytical tools following the various ASTM
or other international standards. High flowability and high packing density are desired to ensure
homogeneous deposition of powder bed layers and optimal powder melting, which would lead to
high densification and low porosity levels in the as-built parts. In particular, the packing density
of the powder bed has been found to be more important than processing parameters such as laser
power (P), scan speed (S), hatch spacing (d), and layer thickness (h) in determining part density
and porosity [36,42]. Smooth and spherical particles with minimal defects are known to improve
packing density, while irregularly shaped particles with numerous defects such as agglomerates
and satellites reduce the packing density of the powder bed, similar to their influences on powder
flowability [29,39,94]. In addition, the inclusion of fine powder particles (fines) also contributes to
high packing density due to the fine particles filling the interstitial spaces that exist among the larger
particles [40,44,90]. However, these fine particles tend to result in wider PSD and have been found
to reduce powder flowability [30,36,55,67]. Therefore, as a compromise, it is suggested that smooth,
spherical particles with as minimum defects as possible with narrower PSD should be used for AM
fabrication to attain optimized flowability with relatively high packing density [29,37,42].

In this study, direct measurements of flowability and packing density were not carried out.
However, comparative analysis between the current results and discussions with the first three
recommendations from Cordova et al. [36], as well as with established literature, can still be made to
provide qualitative assessments for the viability of reusing the recycled powders in this study (after
20 times of use). The properties of the recycled powders analyzed in this study, powder characteristics
that are suitable for reuse as suggested by available literature, and recommendations from the authors
regarding the possible further reuse of the recycled powders are listed in Table 3. Based on the
comparative analysis, the authors suggest that the reuse of the recycled 316L SS and AlSi10Mg powders
is acceptable up until 30 build cycles overall, but further reuse beyond that should require re-evaluation
through further detailed physical and chemical characterizations.
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5. Conclusions

In this study, the properties of 316L SS and AlSi10Mg powders in the virgin condition and recycled
state after 20 times of reuse are analyzed and compared by using SEM, EDX, and XRD techniques.
Qualitative assessments on the viability of using the recycled powders for further build cycles are made
based on the results in this study and those recommended in the available literature. The following
conclusions can be made:

(1) Compared with virgin powders, a shift to higher particle size distribution (PSD) values are
observed, resulting in higher average particle sizes for both 316L SS and AlSi10Mg recycled powders.

(2) SEM observations indicate the presence of agglomerates, but fewer satellites are detected on
the surface of the recycled 316L SS and AlSi10Mg powders.

(3) The recycled 316L SS powder particles retain their spherical and near-spherical morphologies,
whereas that of the AlSi10Mg counterpart deforms into more irregularly shaped morphologies.

(4) The average circularity of recycled 316L SS powder only reduces slightly by ~2%, but a higher
reduction in circularity is attained for the recycled AlSi10Mg powder (~17%).

(5) EDX analysis suggests the chemical composition of both recycled powders remains within
alloy-specific values, but an increase in oxygen pick-up is detected in both cases.

(6) XRD spectra peak analyses indicate no change in crystal structures or presence of any undesired
precipitates in both recycled powders.

(7) Based on the present results and qualitative comparative analysis with available literature,
the reuse of both recycled powder for further build cycles is acceptable up to 30 overall build cycles.
However, these are preliminary assessments, and extensive re-evaluation through physical and
chemical characterizations is necessary if they are to be further reused.
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Abstract: The particle shape influences the part properties in laser powder bed fusion, and powder
flowability and powder layer density (PLD) are considered the link between the powder and part
properties. Therefore, this study investigates the relationship between these properties and their
influence on final part density for six 1.4404 (316L) powders and eight AlSi10Mg powders. The
results show a correlation of the powder properties with a Pearson correlation coefficient (PCC)
of −0.89 for the PLD and the Hausner ratio, a PCC of −0.67 for the Hausner ratio and circularity,
and a PCC of 0.72 for circularity and PLD. Furthermore, the results show that beyond a threshold,
improvement of circularity, PLD, or Hausner ratio have no positive influence on the final part density.
While the water-atomized, least-spherical powder yielded parts with high porosity, no improvement
of part density was achieved by feedstock with higher circularities than gas-atomized powder.

Keywords: selective laser melting (SLM); laser powder bed fusion (LPBF); powder; particle size
distribution; particle morphology; powder layer density; part density; flowability; Hausner ratio

1. Introduction

The quality of parts produced by laser powder bed fusion (LPBF) is strongly influenced
by feedstock material, which is the powder. The most important characteristics of powder
for LPBF are usually considered to be the size distribution in [1], particle shape in [1,2],
chemical composition in [3,4], flowability in [5], powder layer density (PLD) in [6,7], and
the amount of internal porosity in [1]. Despite the significance of the raw material, there
is a lack of quantified and broadly accepted powder requirements, which are unknown
or, according to Tan et al. [2], often undisclosed by the powder suppliers for competitive
reasons. Furthermore, there are no quantitative standards for LPBF powder published
to date, which necessitates the identification of relevant powder characteristics and to
quantify their influence on the LPBF process.

One powder characteristic that lacks quantified requirements is the particle shape.
There are several production techniques for metal powders, including water-atomization
(WA), gas-atomization (GA), plasma-atomization (PA), and centrifugal-atomization tech-
niques as the plasma rotating electrode process (PREP), and mechanical milling [8]. The
particle shape, however, varies across the different production techniques [2]. Currently,

GA powders are preferred in LPBF [2]. It is, however, unclear to what extent the
powder particle shape affects processability and part quality in LPBF. Several studies
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have shown the negative impact of non-spherical WA powder on the process and part
quality [3,9,10]. It is, however, not clear, whether more spherical, e.g., PA and PREP
powders, further improve part quality.

Several studies investigated the influence of the particle shape on part quality. Most of
them were focused on a comparison of WA and GA powders. Riener et al. [11] compared
the processing of three GA powders and one plasma-atomized AlSi10Mg powder. They
concluded that, in general, higher part densities could be achieved by using more spherical
powders. Brika et al. [12] investigated two PA powders and one GA Ti-6Al-4V powder and
also found a positive influence of particle sphericity on the powder flowability and part
density. Engeli et al. [3] investigated seven GA powders and one WA IN738LC powder for
the LPBF process. They found higher porosity in the parts made of WA powder, which
they attribute to its more irregular morphology. They also observed an influence of the
Hausner ratio on part porosity of GA powders. Baitimerov et al. [13] processed three
gas atomized AlSi12 powders and concluded that non-spherical particles lead to a low
apparent density of the powder and thus porosity in the parts. Li et al. [9] processed
one GA and one WA 1.4404 (316L) powder and found higher porosity in parts made
from WA powder, which they attributed to its high oxygen content and low packing
density. Hoeges et al. [10] compared the density of parts made from a single WA powder
and a GA powder. They were able to process both powders to a density of more than
99%; however, the morphology, flowability, and chemical composition of the WA powder
posed a challenge during processing on a LPBF machine. Irrinki et al. [14] investigated
the processability of three WA powders and one GA 17-4-PH stainless steel powder and
found that the GA powder generally yielded parts with less porosity, but were able to
process the WA powder into parts with comparable densities and mechanical properties
at sufficiently high energy densities. Jeon et al. [15] processed four Fe-powders, of which
three were mixtures of spherical and non-spherical powders. They found an increase in
the part porosity of blended powders for increasing size misfit between the spherical and
non-spherical powders.

The literature indicates that spherical PA and PREP powders might, compared to less
spherical GA powders, further improve part quality, especially final part density, which
is, according to Hoeges et al. [10], one of the major quality metrics of LPBF. This paper
therefore investigates the influence of the particle shape on the process with a focus on
final part density. The PLD [5,9] and powder flowability [5,16] are often considered as
a link between the powder and final part properties and are therefore measured for all
powders in this experiment, as they allow inferring the densification mechanisms during
LPBF. In contrast to previous studies, mostly GA, or more spherical, powders were used in
this experiment. Thus, the results are more relevant for industrial practice, where mostly
spherical powders are used [2,17].

2. Materials and Methods

2.1. Powder Characterization

Six 1.4404 (316L) powders and eight AlSi10Mg powders were investigated. Their
particle size distribution (PSD) was measured three times by laser diffraction with a LS230
laser diffractometer (Beckman Coulter, Inc., Brea, CA, USA) and the average PSD was used.
The corresponding PSDs are displayed in Figure 1. The powder designation was chosen
to reflect the alloy (Fe = 1.4404 (316L); Al = AlSi10Mg), the production process was as
specified by the powder supplier (GA = gas-atomized; PREP = plasma rotating electrode
process; WA = water-atomized; PA = plasma-atomized), and the volume-weighted D50 of
a powder. The powders Fe-GA-38 and Fe-GA-47 as well as Fe-PREP-40 and Fe-PREP-47
were from the same powder batch and were separated into two powders by sieving. All
other powders were from different batches. All powders were unused, as reuse of powder
can change the powder properties, as discussed in [18]. A chemical influence can, however,
not be entirely excluded, as the oxygen in the powder depends on the powder surface [19],
which strongly depends on the PSD.
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Figure 1. Particle size distribution (PSD) of the investigated powders: top 1.4404 (316L), bottom AlSi10Mg.

The particle shape factors were measured using a Leica DM6 light microscope (Leica
Microsystems GmbH, Wetzlar, Germany). Images were taken by transmitted light mi-
croscopy and then processed in MATLAB (The MathWorks, Inc., Natick, MA, USA), where
all agglomerates were manually removed until 3000 particles per powder were identified.
The two commonly used shape factors, circularity and aspect ratio, were used in this study.
The circularity fcirc was calculated according to the equation used by Bouwman et al. [20]
as fcirc = (4πA)/P2, where A is the area and P the perimeter of the projected particle. The
aspect ratio fAR was calculated as the ratio of the minimum Feret diameter d f min to the
maximum Feret diameter d f max as fAR = d f min/d f max. The apparent density ρa and tap
density ρt of each powder were measured three times according to ASTM B417-18 [21] and
ASTM B527-15 [22], respectively. The Hausner ratio, H, was then calculated as the ratio of
the tap and apparent density as H = ρt/ρa.

2.2. Powder Layer Density Measurement

The PLD was measured by filling a cavity, as shown in Figure 2a, with a coating blade
shown in Figure 2b. The PLD was then calculated from the powder mass and the known
volume of the cavity. Two cavities were used, one with an average depth of 84.5 μm and the
other with an average depth of 141.4 μm. Both were made from hardened 1.2379 steel with
an outer cylinder diameter of 44.0 mm and a total height of 15.2 mm. The inner cavities
with a diameter of 40 mm were produced by electrical discharge machining, and their
depth was measured by a GelSight Benchtop system (GelSight, Inc., Waltham, MA, USA).
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Figure 2. An (a) empty cavity and (b) coating blade from stainless steel.

The coating of the cavity was performed on a test bench, which was propelled with a
toothed belt drive on the coater axis and a spindle screw drive on the z-axis. The cavity
was placed on the z-platform and leveled such that the tip of the coating blade just touched
the rim of the cavity along the entire movement on top of the cavity. The z-axis was then
raised by 50 μm to create pressure between the coating blade and the rim of the cavity.
This pressure ensured that no powder remained on the rim of the cavity after coating. The
position of the cavity in the coating direction was secured with two mechanical stops on
the z-platform.

The layer density of all powders was measured five times for each powder and cavity,
thus moving the coating blade to its starting position in front of the z-platform. The cavity
was then placed on the z-platform and the powder placement platform was placed around
the cavity, as shown in Figure 3b. A powder with a volume of 12 cm3 at apparent density
was positioned in front of the cavity on the powder placement platform. The coater was
then moved across the cavity at a speed of 100 mm/s. Eventually, the cavity was removed,
cleaned from the outside, and weighed on an AX205 Delta Range scale by Mettler Toledo.

Figure 3. (a) Twelve cm3 of powder placed in front of the cavity before the coating process, (b) powder in the cavity after
the coating process.

2.3. Powder Processing

All powders were processed on a Concept Laser M2 (Concept Laser GmbH, Lichtenfels,
Germany) using the parameters listed in Table 1. Five 10 × 10 × 10 mm3 cubes were built
per scan speed, resulting in 25 cubes per build cycle. These cubes were evenly distributed
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over the build plate to compensate for possible location-dependent differences in part
density. The parts were not placed on a regular build plate, but with a custom-made insert
to reduce the build chamber volume. This reduced the build platform to 95 mm in diameter.
A brush was used for coating, which was different from the blade used for measuring PLD.
This was done as the layer density measurement is only possible with a blade, whereas a
build cycle with a blade would cause collisions of the steel blade during the processing of
some powders. The density of final parts was measured using the Archimedes principle in
acetone according to the procedure described by Spierings et al. [23]. Density as a quality
metric was chosen as it is easy to measure and does directly influence the mechanical
properties, as has been discussed in [11,24].

Table 1. Parameters used for processing.

Parameter Unit Value

Laser power (W) 180

Hatch (μm) 1.4404 (316L): 75, AlSi10Mg:
100

Layer height (μm) 30
Scan speed (mm/s) 1000, 1250, 1500, 1750, 2000

Shielding gas - Nitrogen
Coating technology - Brush

Beam diameter (as measured) (μm) 105
Coating speed (mm/s) 100

Scanning strategy - 90◦ alternating, parallel to the
sides of the cube, crosswise

3. Results and Discussion

3.1. Circularity and Aspect Ratio

Figure 4 shows the circularity and aspect ratio of all investigated powders. The highest
circularity was measured for the PREP powders, which had a circularity of up to 0.99,
whereas the lowest circularity was measured for the WA powder, which had a circularity
of 0.68. Most GA powders have a circularity of approximately 0.9. The aspect ratio was
lower than the circularity for all powders. The absolute values of the circularity and aspect
ratio were within the range of what has been reported in the literature for the respective
production processes [11,25–29]. Furthermore, the results showed a strong correlation
between powder circularity and aspect ratio with a Pearson correlation coefficient (PCC)
of r (12) = 0.91, p < 0.001. Thus, subsequently, only circularity will be discussed as all
dependencies are qualitatively interchangeable for circularity and aspect ratio.

Figure 4. The mean circularity and mean aspect ratio of all powders with standard deviation.
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3.2. Powder Layer Density, Tap Density, and Apparent Density

The PLD, tap density, and apparent density of all powders is displayed in Figure 5.
For all powders, the PLD in the 84.5 μm cavity was lower than in the 141.4 μm cavity, and
both PLDs were lower than the apparent density of the powders. This was due to the wall
effect, which is the reduction of packing density through vacant sites in a packed powder
in the presence of a wall, as discussed in [29,30]. For a solid material layer with a height of
30 μm, recent studies indicate that 141.1 μm is close to the realistic effective powder layer
thickness for the LPBF process; Wischeropp et al. [6] measured it to be between 130 and
165 μm. These results are supported by the recent findings of Mahmoodkhani et al. [7],
who measured the effective powder layer thickness to be greater than 100 μm in all of
their experiments. Therefore, the subsequent discussion is mostly based on the PLD of the
141.4 μm cavity, which is more representative of the reality.

The measured PLDs for the 141.1 μm cavity are comparable to values in the literature,
i.e., those of Wischeropp et al. [6], who measured the PLD to be between 44% and 53%
for three LPBF powders, and Chen et al. [31], who measured a PLD for a single layer of
316L powder to be approx. 45% for a coating speed of 100 mm/s. The water-atomized
powder Fe-WA-40, which was the least spherical, exhibited the lowest PLD, whereas the
PREP powders, which were the most spherical ones, exhibited the highest layer densities.
This trend will be discussed in more detail in the following sections.

Figure 5. The mean powder layer density (PLD) for both cavities, apparent density, and tap density
of all powders as a fraction of the full material density with standard deviation.

3.3. Hausner Ratio

The Hausner ratios of all powders are displayed in Figure 6, as calculated from the
tap and apparent density in Figure 5. The values range from 1.05 for Fe-PREP-40 to 1.24 for
Fe-WA-40. According to Sutton et al. [32], any powder with a Hausner ratio below 1.25
can be considered free-flowing, which is in accordance with the subjective perception of
the powder flow of all powders. All powders had sufficient flowability to be processed
on a LPBF machine, yet did not necessarily yield sufficient part quality, as it will be
subsequently shown. The Hausner ratios were within the range of what has been reported
in the literature for similar powders; i.e., approx. 1.17 for GA AlSi10Mg in [11], approx.
1.11 for PA AlSi10Mg in [11], a variety of Fe and Ni powders for LPBF with Hausner ratios
mostly between 1.1 and 1.2 in [5], water-atomized 316L powder with 1.27 in [28], and
others in [3,33].
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Figure 6. The mean Hausner ratio of all powders with standard deviation.

3.4. Relationship between PLD, Circularity, and Hausner Ratio

Figure 7 shows the relationship between PLD for both cavities, circularity, and Hausner
ratio. The PLD for the 141.4 μm-deep cavity is plotted against the PLD of the 84.5 μm-deep
cavity in Figure 7a. Besides the fact that the PLD was higher for the deeper cavity for every
single powder, there was a linear relation with a PCC of r (12) = 0.92, p < 0.001 between
the mean PLD for the 84.5 μm and 141.4 μm cavities. The PLD is plotted against the mean
circularity in Figure 7b and shows a linear dependency between the PLD and the powder
circularity with a PCC of r (12) = 0.72 p < 0.01. Furthermore, this trend seems dependent on
the material, as the layer density values for AlSi10Mg powders were lower than those for
1.4404 (316L) powders for the same circularity.

The Hausner ratio is plotted against the mean circularity in Figure 7c. The data show
a moderate linear correlation with a PCC of r (12) = −0.67, p < 0.01 for the combined 1.4404
(316L) and AlSi10Mg data. However, the dependence of Hausner ratios on circularity, just
like that of PLD on circularity, seems to be material-dependent, as the Hausner ratio for
AlSi10Mg powders was higher for the same circularity. The dependency of the Hausner
ratio on the particle shape has been shown in [34], where the Hausner ratio increases for
decreasing particle sphericity. There was also a linear relationship between the PLD for the
141.4 μm cavity and the Hausner ratio with a PCC of r (12) = –0.89, p < 0.001, as shown in
Figure 7c. This trend, in contrast to the Hausner ratio and PLD, fits the data for both 1.4404
(316L) and AlSi10Mg powders independent of the material.

In summary, the PLD in both cavities correlated strongly. The PLD and Hausner ratio
of a powder cannot be predicted only from its circularity, as they seem to be material-
dependent. The Hausner ratio, however, is a good predictor for the PLD in LPBF and did
not show a material dependency for the two alloys in this experiment. As the Hausner ratio
depends on the friction between powder particles [35], caused by either particle shape,
oxides, or other factors, it seems that low friction between the powder particles caused a
higher PLD. This finding is also supported by the fact that the Al powders in Figure 7c
exhibited a higher Hausner ratio than the Fe powders for the same circularity, which in
turn caused the lower PLD of Al powders for the same circularity in Figure 7b.
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Figure 7. The correlation between: (a) mean PLD for the 141.4 μm and 84.5 μm cavity, (b) mean PLD for the 141.4 μm cavity
and mean circularity, (c) Hausner ratio and mean circularity, and (d) PLD for the 141.4 μm cavity and Hausner ratio.

3.5. Part Density

All powders were processed on an LPBF machine with parameters reported in
Section 2.3. The material density of parts made from every powder at five scan speeds is
displayed in Figure 8 for (a) 1.4404 (316L) and (b) AlSi10Mg. Some of the cubes from the
Fe-WA-40 powder showed delamination issues, as displayed in Figure 9. The density of
these cubes was omitted from the data as it is affected by the porosity due to delamination.

The part density decreases, as typical for LPBF [36,37], with increasing scan speed
for all powders. While the processing windows of Fe-GA-38, Fe-PREP-40, and Fe-GA-
41 in Figure 8a were similar, the other three 14404 (316L) powders exhibited a different
processing window. PREP-47 and Fe-GA-47 exhibited a similar processing window with
a high decrease in part densities for scan speeds higher than 1250 mm/s. This can be
explained by their coarser PSD, as Meiners [37] and Simchi [38,39] observed before and
showed that coarser powders lead to increased part porosity at high scan speeds. The
processing window of the water-atomized Fe-WA-40 differed from those of all other
powders. For all scan speeds, the part density of parts made from WA powder was almost
2 percentage points lower than of parts made from gas-atomized and PREP powders with
similar PSD. This high porosity in parts made from water-atomized powder in LPBF is
widely known [3,9,14]; however, Hoeges et al. [10] demonstrated the processing of water-
atomized 316L with densities of more than 99% by using adapted processing parameters.

Most density curves for the AlSi10Mg powders in Figure 8b only differed slightly.
The exception is the processing window of AL-GA-48, which was approx. 1 percentage
point lower than the processing window of the other powders. One contributor to the
lower density is the coarser PSD, which has been shown to cause porosity in parts [37–39].
Surprisingly, the processing window of Al-GA-49 was similar to those of the finer powders.
This might be explained by its circularity, which is the highest among the Al powders. The
Al powder with the second-highest circularity, Al-GA-41, however, did not yield parts with
a higher density than Al powders with a similar PSD. Therefore, the positive influence of
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circularity on part density cannot be concluded for all powders. These findings will be
discussed in the next sections.

Figure 8. The dependency of the mean material density and its standard deviation on the scan speed of (a) 1.4404 (316L)
and (b) AlSi10Mg for all powders.

Figure 9. Delamination of the cubes built from the WA powder and a cube with delamination issues.

3.6. Dependence of the Part Density on the Particle Circularity

To identify causes for part porosity, the density data in Figure 8 is analyzed in more
detail in this section. Figure 10 shows the mean part porosity plotted against powder
circularity at scan speeds of 1000, 1500, and 2000 mm/s. All powders with D50 > 45 μm are
shown in non-solid symbols. This is done to set them apart from the other powders, as their
part porosity can be higher than the porosity of parts made from finer powders, as shown
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in [37–39]. The data show a difference in part densities between AlSi10Mg and 1.4404
(316L). At 1000 and 1500 mm/s, the porosity of the AlSi10Mg parts was approximately
1.5 percentage points higher for powders with D50 < 45 μm, the WA powder not considered.
This was due to the material dependency of the processing windows for LPBF.

Furthermore, the data show that, except for Fe-WA-40, there was no influence of
circularity on part density for both materials. Only the WA powder, which had the lowest
circularity of all powders, showed a lower part density compared to powders made from
the same alloy and with a similar PSD. The data for the four powders with a D50 > 45 μm
also indicated no relationship between the part density and powder circularity.

The high part porosity of parts made from water-atomized powder has been shown
before [3,9,12]. The finding for the other powders are in contrast to the results of Riener
et al. [11], who compared three GA powders and one PA AlSi10Mg powder and Brika
et al. [12], who compared one GA powders and two PA Ti-6Al-4V powders. Both found
that more spherical particles lead to higher part density. Other authors report similar
findings as in this experiment; i.e., little differences in part density for different particle
shapes; e.g., Seyda, Herzog, and Emmelmann [40] found little difference in part density for
three Ti-6Al-4V powders despite differences in particle morphology.

Figure 10. Mean part porosity plotted against the mean powder circularity for a scan speed of (a) 1000 mm/s, (b) 1500 mm/s,
and (c) 2000 mm/s. The y-axis of graph (c) differs from that of graphs (a,b).

3.7. Dependence of the Part Density on the Hausner Ratio

Figure 11 shows the mean part porosity plotted against the Hausner ratio at scan
speeds of 1000, 1500, and 2000 mm/s. The results once again show, except for Fe-Wa-40,
that there was no clear influence of the Hausner ratio on part density. Since the Hausner
ratio correlated with the particle circularity (compare Figure 7c) and the circularity of
any but the water-atomized powder did not predict the part density, the Hausner ratio
consequently also did not predict part porosity.

These findings are in contrast to the results of Engeli et al. [3], who found a relationship
between the Hausner ratio and part density in LPBF for eight IN738LC powders. Brika
et al. [12] also analyzed three powders, of which the one with the lowest Hausner ratio
yielded parts with the lowest density, and Riener et al. [11] found in a comparison of three
Ti-6Al-4V powders that the powder with the lowest Hausner ratio yielded parts with the
highest density.

Powder with a too low flowability is undoubtedly unsuited for LPBF [5,41]. It is
likely that the low flowability of the water-atomized Fe-WA-40 powder caused the low
part porosity and also the delamination shown in Figure 9. It might, however, be that a
decrease of the Hausner ratio of a powder beyond a certain threshold generated no further
improvement of processability. This was also concluded by Pleass and Jothi [41], whose
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findings indicate that once adequate flowability is achieved, the processing parameters
become much more relevant for part quality.

Figure 11. Mean part porosity against the Hausner ratio for a scan speed of (a) 1000 mm/s, (b) 1500 mm/s, and (c)
2000 mm/s. The y-axis of graph (c) differs from that of graphs (a,b).

3.8. Dependence of the Part Density on the Powder Layer Density

As the circularity and the Hausner ratio seemed to impact only the part density for WA
powder, the influence of PLD on part density is evaluated in this section as the relevance
of a high PLD for part quality is frequently stressed in literature [5,32,41,42]. Figure 12
shows the mean part porosity plotted against the PLD at scan speeds of 1000, 1500, and
2000 mm/s. The data show that, except for the Fe-Wa-40 powder and a material-dependent
difference between Al and Fe powders, there was no influence of the PLD on the part
density for either AlSi10Mg or 1.4404 (316L).

Figure 12. Mean part porosity against the PLD for the 141.4 μm cavity for a scan speed of (a) 1000 mm/s, (b) 1500 mm/s,
and (c) 2000 mm/s. The y-axis of graph (c) differs from that of graphs (a,b).

An explanation for the limited impact of the PLD on the part density is given by the
denudation of metal powder during LPBF, as has been described by Matthews et al. [43]
and Bidare et al. [44]. Matthews et al. [43] showed that the metal vapor flux of the melt
pool causes a shear gas flow, which entraps adjacent particles. The particles are then
rearranged before the laser passes again and interacts with them. Consequently, the laser
and melt pool do not interact with the powder bed as it has been deposited, but only with
the rearranged particles. Furthermore, the law of conservation of mass causes the mass of
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the deposited powder to be the same as the mass of a solidified layer for the steady state,
which is, as discussed in [45], reached after approximately seven layers. This makes the
process, in contrast to other powder bed-based processes, less sensitive for variation in the
PLD and powder layer homogeneity. Only when the flowability of a powder falls short
of a minimal threshold does the powder bed become too inhomogeneous so that defects
cannot be compensated for by the movement of particles in the shear gas flow, which then
causes porosity, as is the case for the water-atomized Fe-WA-40 powder.

4. Conclusions

The results show a correlation between the particle shape, powder flowability, and
PLD for the investigated powders. The more spherical the powders, the better their
flowability, measured by the Hausner ratio. The flowability also directly affected the layer
density, as better flowing powders generated layers with higher densities.

The WA powder, with a low circularity, exhibited an insufficient flowability, which
caused low PLD, delamination, and part porosity. More spherical powders, such as the
GA ones, showed better flowability and yielded parts with much lower porosity. Any
improvement of the particle circularity beyond 0.8 did, however, have no positive influence
on the part density. The more spherical, e.g., PREP, powders did exhibit better flowability,
which resulted in a higher PLD. The increase in PLD did, however, not positively influence
the part density. An explanation is given by the movement of powder particles in the
shear gas flow. The laser and melt pool do not interact with the powder layer as it is
deposited, but the particles are rearranged in the denudation zone of the previous, adjacent,
scan track. This makes the LPBF less sensitive to inhomogeneity of the powder layer and
particle circularity.

Future work should be done to measure the PLD in situ, as the results presented in this
study might deviate from the true PLD. Furthermore, the influence of powder characteris-
tics on other part quality metrics, such as the surface quality and mechanical properties,
should be investigated in future experiments with a wider range of processing conditions.
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Abstract: In this study, single-layer and three-layer nickel-based coatings were fabricated on 316L
SS by laser additive manufacturing. The phase characterization, microstructure observation, and
microhardness analysis of the coatings were carried out by X-ray diffraction (XRD), scanning electron
microscope (SEM), and microhardness tester. And the wear resistance of the coatings was analyzed
through dry sliding friction and wear test. The results show that the cross-section microstructure of
the three-layer nickel-based coating is different from that of the single-layer one under the influence
of heat accumulation; the dendrite structure in the central region of the former is equiaxial dendrite,
while that of the latter still remains large columnar dendrites. The existence of solid solution phase
γ-(Fe, Ni) and hard phases of Ni17Si3, Cr5B3, Ni3B in the coating significantly improve the wear
resistance of the coating, and the microhardness is nearly 2.5 times higher than that of the substrate.
However, the average microhardness of multilayer cladding coating is about 48 HV0.2 higher than
that of the single-layer cladding coating. In addition, the fine surface structure of the three-layer
nickel-based coating improves the wear resistance of the coating, making this coating with the best
wear resistance.

Keywords: laser additive manufacturing; 316l ss; nickel alloy; microstructure; tribological behavior

1. Introduction

Due to its excellent corrosion resistance and mechanical properties, 316L stainless
steel is widely used in the chemical industry and aerospace field [1–3]. However, the low
hardness and the poor wear resistance limit its applications to a certain extent. Therefore,
surface modification is needed to further improve the properties of the material [4,5],
including atmospheric plasma spraying (APS) [6], chemical vapor deposition (CVD) [7] and
laser additive manufacturing (LAM) [8]. As a new manufacturing technology integrating
laser, digitization, materials science, and other disciplines, LAM has obtained widespread
attention in recent years since it can realize dimension reduction manufacturing, complex
forming, and high material utilization [9–11]. According to material feed-in methods, LAM
can be divided into powder spreading type selective laser melting and powder feeding type
laser melting deposition [12,13]. Laser melting deposition technology is also called laser
cladding (LC), which uses a high-energy laser beam to metallurgically bond the cladding
material to the substrate surface, with a small heat-affected zone (HAZ), fast cooling speed,
and many other advantages [14,15]. In addition, LC can inject powder with low dilution
and specific quality into the substrate to improve material performance and repair material
surface defects, which has been the focus of material researchers in recent years [16–18].

Ti-, Fe-, Co- and Ni-based alloy powders are widely used in laser additive manufactur-
ing due to their excellent high-temperature resistance, high hardness, and excellent wear
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resistance. Ertugrul et al. [5] studied the structure and hardness behavior of 15 vol% TiC
reinforced 316L coating and found that the increase in material hardness was due to the
refinement of TiC grains and the appearance of new carbides during solidification. Cheng
et al. [19] found that the mechanical properties and wear resistance of the FeBSiNb coating
prepared by broad-beam laser cladding (BLC) were significantly improved, because the
Nb-B particles generated in situ were uniformly dispersed in each part of the coating.
Yan et al. [14] applied laser cladding technology to prepare TaC/Stellite X-40 Co-based
composite coating on a nickel aluminum bronze (NAB) substrate. The results showed that
intermetallic reinforcement materials such as TaC, Cr3C2, and Co3Ta were distributed in
the substrate uniformly, improving the wear resistance and the electrochemical corrosion
performance of the alloy. When the TaC content is 20 wt%, the material reached the best
wear resistance and corrosion resistance.

Among the cemented carbide powders mentioned above, Ni-based alloy powders
have received extensive attention due to their excellent surface properties. Liu et al. [20]
deposited a nickel-based WC composite powder on the surface of the tunnel boring
machine (TBM) tool ring by LC and found that there was a good metallurgical bond
between the coating and the substrate. The widely distributed WC, W2C, and other
particles in the coating effectively improved the wear resistance of the surface of the TBM
tool ring. Liu et al. [21] adopted a multilayer laser cladding method to prepare a nickel-
based alloy coating on the surface of graphite cast iron. The results showed that with the
increase in the number of cladding layers, the volume fraction of dendrites and the distance
between secondary dendrite arms increased significantly. When 6 layers of the coating
were deposited, the material received the best corrosion resistance at room temperature.
SouSa et al. [22] tested the tribological properties of the Ni-Cr-Bo-Si coating prepared by the
laser cladding method, and the results showed that the coating had good surface adhesion.
With the increase of the CrC, the microhardness of the coating was increased by 10%.

From the above research, it can be found that the cladding of nickel-based alloy
powder on the substrate surface can effectively improve the wear resistance of the material.
However, most studies have focused on the influence of different nickel-based alloy powder
compositions on coating properties, and few studies on process parameters. During
multilayer cladding, the existence of heat accumulation is likely to affect the structure
and performance of the coating. Therefore, in this paper, the single-layer nickel-based
coating and the three-layer nickel-based coating were prepared. Physical characterization,
microstructure observation, and microhardness analysis of the coatings were performed
using XRD, SEM, and microhardness tester. The wear resistance and wear mechanism of
the coating were analyzed by a dry sliding friction wear test.

2. Experimental Procedure

Commercially available Ni-based alloy (Ni-Cr-B-Si-Fe-C) powder was used as the
cladding material. The SEM image of the powder is shown in Figure 1. It can be seen that
its shape is almost equiaxed spherical the size is approximately 50~150 μm, and the d50 of
powder is about 100 μm. 316L stainless steel cut into 80 mm × 50 mm × 10 mm (thickness)
was applied as the substrate. Before cladding, sandblasting technique (Al2O3 ceramic
particles) was used over the substrate to have a surface roughness (Ra) of 10 μm. Then,
the samples were rinsed with alcohol and dried to keep the surface clean. The chemical
compositions of 316L stainless steel and nickel-based alloy powder were tested by Tianjin
Zhujin Technology Development Co., Ltd. (Tianjin, China) and shown in Table 1.
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Figure 1. SEM image of Ni-based alloy powders.

Table 1. Chemical composition of powder and substrate metal.

Materials
Elements Composition (wt%)

C P Cr S Mn Mo Ni Si Fe Co B

316L steel 0.023 0.034 16.4 0.57 1.37 2.16 10.03 0.69 Bal. - -
Ni-based alloy 0.03 - 6 - - - Bal. 1.5 0.38 - 3

RFL-C3300 (Raycus, Wuhan, China) high-power continuous fiber laser device was
used in the laser cladding test. DPSF-2 powder feeder was used to feed the powder syn-
chronously in an oblique direction, and argon was used as the power source to accurately
send powder to the laser spot. During the cladding process, argon was used to protect the
molten pool to avoid oxidation. In this experiment, single-layer (L1) and three-layer (L3)
coatings were deposited respectively, as shown in Figure 2. The detailed parameters of
laser cladding are listed in Table 2.

 
Figure 2. Macroscopic appearance of Ni-based laser-clad coating: (a) L1, (b) L3.

Table 2. Different parameters of laser cladding.

Laser Power
(kW)

Powder
Feeding

Rate (g/min)

Scanning
Velocity
(mm/s)

Spot
Diameter

(mm)

Gas Flow
Rate (L/min)

Overlap
Rate

1.8 30 5 4 15 50%

When the laser cladding parameters are unchanged, the dilution rate of single-layer
single-pass laser cladding is the same as single-layer multi-pass laser cladding and multi-
layer multi-pass laser cladding. According to the laser cladding parameters in Table 2 (due
to the single-layer single-pass cladding, the overlap rate parameter is not required here),
the geometric dimensions of the single-layer single-pass laser cladding sample are shown
in Figure 3. According to the literature, the dilution rate (λ) can be calculated by the area
method [23], and the formula is simplified to:

λ =
h

H + h
×100% (1)
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Figure 3. Feature size of single layer single pass laser cladding layer.

In the formula, h is the penetration depth of the base material, and H is the height of
the cladding layer. According to the geometric dimensions shown in Figure 2, the dilution
rate is 24.5%, indicating that the cladding layer and the substrate form a good bonding
interface.

After cladding, the samples were cut, cleaned, and degreased with acetone alcohol,
and then a standard metallographic sample preparation process (grinding, polishing, wash-
ing, and drying) was carried out to obtain mirror-surface metallographic and tribological
samples. The phase identification of the cladding layer was performed by D8 AdvancE
Multifunctional Powder Diffractometer (Bruker Corporation, Karlsruhe, Germany) with
a Cu-k α radiation at a voltage of 40 kV. The micromorphology of the coating was observed
by JSM-6480 tungsten filament scanning electron microscope (JEOL Corporation, Tokyo,
Japan), and the element distribution in the micro area was measured by its equipped
energy dispersive spectrometer (EDS). According to ASTM E92-2016 standard, KB-30S-FA
Automatic Vickers Hardness Tester (KB Corporation, Assenheim, Germany) was used to
test the hardness of the coating with the applied pressure of 0.2 kg and the holding time of
15 s. According to the ASTM G99-05 standard, the UMT-2 high temperature friction and
wear tester (CETR Corporation, CA, USA) was used to study the dry sliding ball-on-plate
wear of the nickel-based coating surface. For the dry sliding friction test, the sliding dis-
tance is 18 m, the relative speed between coating and counter-body is 10 mm/s, and the
diameter of the counter-body ball is 10 mm. The surface roughness before wear test and the
three-dimensional morphology of wear marks were observed by LEXTOLS4000 confocal
laser scanning microscope (Leica Corporation, Wetzler, Germany). Before the wear test,
the surface roughness (Sq) of the substrate, L1, and L3 were 0.012, 0.044, and 0.046 μm,
respectively. Finally, the micro wear morphology was observed through SEM.

3. Results and Discussion

3.1. Microstructure and Composition

XRD patterns of coatings are shown in Figure 4. According to Table 1, the content of
Fe in nickel-based alloy powder is very low, but face centered cubic structural γ-(Fe, Ni)
phase has been detected in XRD. This is because the molten pool is formed on the substrate
surface under the irradiation of laser beam, and interdiffusion occurs between the substrate
and the nickel-based coating [24], making a large amount of Fe enter the coating. The radius
of Fe atoms is very close to that of Ni atoms, and the rapid rise and decrease of temperature
are similar to solid solution treatment. Thus γ-(Fe, Ni) solid solution appears on the coating
surface of the single-layer cladding sample. However, during multilayer cladding, Fe is
difficult to diffuse to the coating surface. Therefore, although the Fe-containing main
dominant peaks are detected at 44◦ for both L1 and L3 samples, the phase content in L3
has changed, which can also be proved from the EDS results in Table 3. In addition, hard
phases Cr5B3, Ni17Si3, and Ni3B have also been detected on the coating surface, which is
proved to be helpful to improve the hardness and wear resistance of the coating [25–29].
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Figure 4. XRD patterns of the coatings.

Table 3. Chemical composition of phases in Figures 5 and 6.

Region
Element Composition (at.%)

Si Cr Fe Ni

A 6.16 3.19 15.46 75.09
B1 6.77 3.08 13.75 76.40
B2 5.47 2.79 11.04 80.70
D1 15.77 - - 84.23
D2 7.04 - - 92.96
D3 5.59 - 0.87 93.54

θ

γ

Figure 5. Cross-section OM images of (a) L1 and (b) L3.
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Figure 6. Cross-section morphology (SEM) near the coating-substrate interface (a) L1, (b) L3.

Figure 5 displays the metallographic diagram of the cross section of the nickel-based
coating. It can be seen that the coating is well bonded with the substrate, and there are
no obvious cracks. a lot of gas pores are observed in the coating of sample L1 (Figure 5a).
During laser cladding, the temperature rises and decreases so rapidly that the gases have
little time to escape, leaving them to remain in the coating and form pores. Moreover, these
pores are randomly distributed and have nothing to do with the trajectory of the boundary,
and the existence of pores will not affect the bonding quality between the substrate and
the coating [30]. However, not many gas pores can be seen in the coating of sample L3
(Figure 5b), which is because the multilayer cladding will reheat the cladding area, greatly
reducing the pores.

The SEM images of the cross section near the interface between coating and substrate
are shown in Figure 6. According to Kou’s study [31], the ratio of G to R can be used to
describe the change of microstructure, where G is the temperature gradient and R is the
growth rate. It is well known that the ratio of G to R is high due to the good heat dissipation
of the substrate and the short solidification time of the solution near the interface during
the solidification of the coating. Thus, some cellular crystals appear along the boundary
line. As shown in Figure 6a,b, with the decrease of the temperature gradient, an obvious
columnar dendrite structure can be observed near the boundary line, and the columnar
dendrite grows along the temperature gradient direction. According to the EDS data in
Table 3, the main component of point a in Figure 6a is Ni, with a small amount of Si, Cr, and
Fe, indicating that the composition of dendrite is γ-Ni phase and the binary eutectic γ-Ni
formed by γ-Ni phase and other metal elements (Si, Cr, and Fe). Due to the high cooling
rate, a dense eutectic phase was both observed between the γ-Ni dendrites in Figure 6a,b,
which shows a network structure in sample L1 while a honeycomb texture in sample L3
due to multiple heating. Many dark regions can be seen between the eutectic phases. Paul
believed that the main component of this region is borides [32], and the XRD results also
verify the existence of borides. Therefore, the dendrite structure of eutectic is boride and
binary eutectic γ-Ni. The microstructure near the coating-substrate interface is a uniform
combination of columnar dendrites and interdendritic crystals.

The SEM cross-section morphologies of the middle and surface areas of the coatings
are shown in Figure 7. Due to the change of composition and the decrease of temperature
gradient, the growth of columnar dendrites is limited. Thus, columnar dendrites are not
observed in the middle of the coating, while uniformly arranged equiaxed dendrites appear
instead. Meanwhile, the network eutectic structure between equiaxed dendrites becomes
uniform due to the decrease of temperature gradient. Figure 7b is the SEM picture of the
single-layer cladding coating surface and both columnar dendrites and steering dendrites
can be observed. Due to the change of temperature gradient caused by the co-effect of the
contact between the coating surface and air and the movement of laser beam [33], not only
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the columnar dendrites growth along the temperature gradient appear, but also the steering
dendrites grow along the scanning direction on the coating surface occur. When the coating
surface contacts the air, the cooling rate will be faster, and the grain growth will be limited.
Thus it can be seen that the grain size in Figure 7b is significantly smaller than that in
Figure 7a. In addition, more Fe elements have been detected in B1 and B2 in Figure 7b,
indicating that single-layer cladding is more conducive to the diffusion of Fe elements to
the coating surface so as to form γ-(Fe, Ni) lamellar eutectic with Ni [4]. Figure 7c is the
SEM picture of the middle area of the multilayer cladding. When the second cladding
layer solidifies, although the first cladding layer has solidified, it still has a certain amount
of heat, resulting in heat accumulation. Due to the accumulation of heat, the value of
G/R is not high enough to form planar crystal and cellular crystal, but columnar dendrite
appears directly in Figure 7c. At the same time, the effect of heat accumulation increases the
reheating area, and the solidification rate of grains decreases, resulting in larger columnar
dendrite size [34]. On the other hand, heat accumulation reduces the effect of temperature
gradient on the grain growth direction, making the columnar dendrites present different
directions. From Figure 7d, it’s hard to find obvious dendrites. This is because when
it is near the top of the molten pool, the solidification rate of the molten pool increases
rapidly due to the contact with air, so that the dendrites cannot grow sufficiently. Moreover,
a large number of fine particles appear in Figure 7d and Mohamad et al. [35] believed
that the particles not completely melted on the surface of the cladding layer would play
the role of heterogeneous nucleation points. As the EDS data in Table 3 show, the main
components of the points D1, D2, and D3 are Ni17Si3, indicating that the large number
of Ni17Si3 distributed on the coating surface during coating solidification help with the
formation of a finer surface structure of the coating.

 

Figure 7. Cross-section SEM morphologies of the middle and surface of the coatings: (a) Middle region of L1, (b) Surface
region of L1, (c) Middle region of L3, (d) Surface region of L3.

3.2. Wear Analysis

Figure 8 shows the cross-sectional microhardness distribution of different samples.
It can be seen that the microhardness of both coatings is not less than 600 HV0.2, which
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is nearly 2.5 times higher than that of the 316L SS substrate (about 250 HV0.2). Due
to the bonding of the coating and the substrate, the substrate is inevitably diluted [36].
Comparing Figure 8b to Figure 8a, the microhardness of the substrate close to the HAZ
decreases slightly because of Fe dilution [4]. The HAZ of laser cladding is very small,
Landowski [37] found that the HAZ of laser welded 316L SS joint is about 20 μm. Therefore,
the presence of HAZ has a very limited effect on the microhardness of the substrate. During
cladding, the microhardness distribution of the cross-section changes owing to the change
of temperature. For the multilayer cladded L3 sample, the temperature changes much
greater than the single-layer cladded L1 sample during laser cladding, resulting in a greater
fluctuation of cross-sectional microhardness than L1. The significant improvement of
microhardness of the coating compared with 316L SS substrate can be attributed to the
addition of alloying elements and the γ-(Fe, Ni) solid solution phase and hard phases
Ni17Si3, Cr5B3, and Ni3B formed during the cladding process. In addition, the rapid rise
and fall of temperature during laser cladding will produce residual stress in the coating,
which also helps improve the microhardness of the coating [38]. The average microhardness
of L1 coating is 593 (±6) HV0.2, while that of L3 coating is 640 (±20)According to the
analysis above, the improvement of microhardness is related to the fine surface structure
of the coating.

Figure 8. Microhardness profile of laser cladded cross section: (a) L1, (b) L3.

The dry sliding friction and wear test with a sliding friction load of 10 N and a wear
time of 1800 s was conducted to evaluate the friction performance of the substrate and the
coatings. The obtained friction coefficient curve of the substrate and the coatings and the
relevant histogram of the average friction coefficient calculated from the friction coefficient
curve are shown in Figure 9a,b, respectively. As shown in Figure 9a, all samples reach
a high limited value of the friction coefficient before it stabilizes. This is because in the early
stage of sliding friction, the material is continuously sheared, and the deformation layer
is continuously accumulated. And the accumulated deformation layer is continuously
washed to ensure the smooth progress of the experiment, so the friction coefficient is
increased [39]. In addition, since the hardness of the substrate is relatively lower, the
deformation layer accumulated in the sliding friction experiment is easier to be washed,
so the friction coefficient of the substrate tends to be stable earlier than that of the coating.
As the sliding friction experiment continues, the friction coefficient of the substrate shows
a slight decrease. Kumar believes that this is because the transfer of materials during
the sliding friction increases the carbon concentration on the surface of 316L SS, thus
promoting the formation of the friction film [40]. It can be concluded from Figure 9b
that the average friction coefficient of different samples meets the substrate (0.53 ± 0.02)
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> sample L1 (0.47 ± 0.05) > sample L3 (0.44 ± 0.03), indicating that nickel-based alloy
coating can effectively improve the wear resistance of 316L SS, and the improving effect of
multilayer cladding is better than that of single-layer cladding.

Figure 9. (a) Friction coefficient curves of the substrate (Sub), L1 and L3, (b) Histogram of average friction coefficient.

Figure 10 is the wear scar surface and the corresponding wear scar profile data
obtained from the dry sliding friction and wear test. It is obvious that the wear resistance
of 316L SS can be effectively improved by Ni-based alloy coating whether by single-layer
cladding or multilayer cladding. Comparing Figure 10a–c, it can be found that the wear
profile of the substrate surface shows more deflection. The difference in deflection depends
on the difference in the contact area. Under the same load condition, the microhardness of
the substrate surface is lower, which makes the contact area between the Al2O3 ceramic ball
and the material surface larger. The higher the contact area, the higher the length of wear
track and peak/valley heights, which in turn increases the wear rate of the material. At the
same time, due to the lower microhardness of the substrate, greater deformation occurs
during sliding friction, and obvious protrusions appear on both sides of the wear scar.
In Figure 10b,c, samples L1 and L3 have similar 3D morphologies and the profiles of wear
marks, indicating that the wear extent of L1 and L3 in dry sliding friction and wear test is
similar. In addition, the relatively flat wear surface of samples L1 and L3 demonstrating
that the higher microhardness of the coating surface makes the load applied to the coating
be effectively distributed to the whole wear surface.

Figure 10. Surface wear of the substrate and the coating under the dry sliding friction and wear test conditions with a sliding
friction load of 10N and a wear time of 1800 s: (a) Sub, (b) L1, (c) L3.
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Figure 11 shows the SEM image of the morphologies of the substrate and the coatings
after the dry sliding friction and wear test. Figure 11a,b are the wear SEM morphologies of
the substrate. It can be seen that the wear surface is rough and uneven, and the particles
peel off obviously, showing typical abrasive wear characteristics. As shown in Figure 11a,
the substrate surface shows a high wear extent with some pores generated during sample
preparation exposed. The surface in Figure 11b is even seriously worn, with large wear
debris particles attached to it as well as many deep grooves in the area with severe particle
spalling. Under a load of 10 N, particles frequently fall off from the surface, causing
delamination on the wear surface, so as to greatly increase the wear rate. As seen in
Figure 11c,d, the wear surfaces of the coatings are in good condition with few particles
peeling off or delamination, and the coatings show excellent wear resistance. After an
1800 s sliding friction, some peeling-off appears on the surface of sample L1. At the same
time, a small number of black patches appeared in Figure 11c, indicating that the wear
mechanism of the L1 sample is a combination of abrasive wear and adhesive wear. In the
figure, there are even obvious micro-cracks in the area where the spalling phenomenon is
more serious. If the load or wear time continues to increase, the micro-cracks will expand
and delamination will occur [41]. a large area of black patches can be seen in Figure 11d.
During sliding friction, the particles will be transferred from the contact material. Because
of the high hardness of the coating, the particles eventually appear in the form of patches,
resulting in adhesive wear. Moreover, a large number of small pits in the middle of the
patches indicate slight abrasive wear. Sometimes, the particles adhering to the contact
surface will fill the gap (as shown in Figure 11d) during sliding, thus reducing the wear
extent of the coating, but it won’t affect the wear mechanism [42]. In the process of sliding
friction, the positive pressure between the load and the tangential motion of Al2O3 ceramic
ball causes plastic deformation of the material, resulting in shallow grooves along the
sliding direction. In addition, the fine surface structure of the L3 coating can effectively
improve the wear resistance of the coating, and there is no obvious particle spalling trace
except slight wear marks. In general, no matter by single-layer cladding or by multi-
layer cladding, nickel-based coatings change the wear mechanism of materials in the
process of friction and wear, effectively reduce the abrasive wear extent and improve the
wear resistance of materials; the three-layer nickel-based coating displays the best wear
resistance.

 

Figure 11. SEM morphologies of wear surfaces for (a,b) the substrate, (c) L1 and (d) L3.
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4. Conclusions

The single-layer and three-layer nickel-based coatings have been fabricated on 316L
SS substrate by laser additive manufacturing and are metallurgically bonded well with
the substrate without obvious defects. The microstructure, surface precipitates and wear
resistance of the coatings have been systematically studied and the following conclusions
have been drawn:

(1) The XRD patterns of single-layer cladding and multilayer cladding coatings are
similar, both including γ-(Fe, Ni) solid solution phase, Cr5B3, Ni17Si3, and Ni3B
phases. Due to the diffusion of Fe, the content of γ-(Fe, Ni) solid solution in the
surface of single-layer coating is higher than that of the multilayer coating.

(2) Cellular crystals are observed in the coating-substrate interface of both single-layer
cladding and multilayer cladding samples. With the change of G/R ratio, equiaxed
dendrites appear in the middle of the single-layer coating, and columnar dendrites
and steering crystals appear on the surface. However, due to heat accumulation,
columnar dendrites with large size and different directions appear in the middle
region of the multilayer cladded Ni-based coating. No obvious dendrite morphologies
are observed in the surface area of the multilayer cladded coating, and the massively
distributed Ni17Si3 phases help to obtain a finer surface structure.

(3) The surface microhardness of 316L SS has been significantly improved by Ni-based
coating by about 2.5 times. The average microhardness of multilayer cladding coating
is about 48 HV0.2 higher than that of the single-layer cladding coating, and the average
friction coefficient of three-layer coating is the lowest (0.44 ± 0.03) among the substrate
and the single-layer coating. In addition, the fine surface structure of the three-layer
nickel-based coating improves the wear resistance of the coating, making this coating
with the best wear resistance.

(4) The Ni-based coating shows excellent wear resistance. After dry sliding friction and
wear test, the substrate has been severely worn down, and the wear mechanism is
mainly abrasive wear. Some peeling-off appear on the surface of single-layer nickel-
based coating, and the main wear mechanism is a combination of abrasive wear and
adhesive wear, while the three-layer coating is in good condition without serious
abrasion due to its fine surface structure and the main wear mechanism is adhesive
wear.
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Abstract: Ultrasonic testing (UT) has been actively studied to evaluate the porosity of additively
manufactured parts. Currently, ultrasonic measurements of as-deposited parts with a rough surface
remain problematic because the surface lowers the signal-to-noise ratio (SNR) of ultrasonic signals,
which degrades the UT performance. In this study, various deep learning (DL) techniques that can
effectively extract the features of defects, even from signals with a low SNR, were applied to UT,
and their performance in terms of the porosity evaluation of additively manufactured parts with
rough surfaces was investigated. Experimentally, the effects of the processing conditions of additive
manufacturing on the resulting porosity were first analyzed using both optical and scanning acoustic
microscopy. Second, convolutional neural network (CNN), deep neural network, and multi-layer
perceptron models were trained using time-domain ultrasonic signals obtained from additively
manufactured specimens with various levels of porosity and surface roughness. The experimental
results showed that all the models could evaluate porosity accurately, even that of the as-deposited
specimens. In particular, the CNN delivered the best performance at 94.5%. However, conventional
UT could not be applied because of the low SNR. The generalization performance when using newly
manufactured as-deposited specimens was high at 90%.

Keywords: additive manufacturing; porosity; rough surface; ultrasonic testing; convolutional neural
network; deep neural network; multi-layer perceptron

1. Introduction

Additive manufacturing (AM) is the process of depositing materials, layer upon layer,
to create an object from a 3D computer-aided design [1–4]. The distinctive advantages
of AM are that it can be used to produce innovative, complex designs and the fact that
it is lightweight compared to conventional subtractive or casting manufacturing. Owing
to these advantages, this manufacturing method has been actively studied in various
fields [5–7]. A current major concern is manufacturing defects that can occur in the interior
of AM parts and their effects on the integrity of these parts [8,9]. Porosity, defined as
air-filled cavities inside a material, is a typical manufacturing defect found in AM parts,
and is the result of deviation from the optimal AM processing conditions. Because porosity
can severely aggravate the mechanical properties of AM parts, it has been of significant
interest to researchers to evaluate the extent of porosity in manufactured parts [10–12].

Ultrasonic testing (UT) is a well-known non-destructive testing method and can be
used to effectively evaluate the porosity [11–13] and properties of a material, including its
strength, elastic modulus, and material density [14–16]. Previous studies have reported

Metals 2021, 11, 290. https://doi.org/10.3390/met11020290 https://www.mdpi.com/journal/metals

147



Metals 2021, 11, 290

that an ultrasonic wave propagating through a porous medium is scattered and delayed
so that the wave velocity decreases [17,18]. The relation between ultrasonic velocity and
the amount of porosity has been studied [13]. Studies on UT for porosity evaluation in
AM parts have also been reported. Slotwinski et al. [19] experimentally investigated the
correlation between the porosity content and ultrasonic velocity in AM parts using a contact
ultrasonic method. The relation between the ultrasonic velocity and attenuation, and the
properties of microstructures, including the porosity and grain size, was studied by Karthik
et al. [20], who used a water-immersion ultrasonic method. Javidrad et al. [21] correlated
the elastic modulus affected by the porosity content with the ultrasonic velocity in varying
the propagation directions of ultrasonic waves using a contact ultrasonic method.

Although the effectiveness of UT in evaluating the porosity of AM parts has previously
been verified, as-deposited AM parts with rough surfaces still present a major problem
in UT. Ultrasonic signals obtained from a rough surface have a low signal-to-noise ratio
(SNR), which degrades the UT performance. To overcome this problem, previous studies
commonly used various surface polishing methods as a post-processing step to prepare
the surface of as-deposited AM parts whose roughness exceeded a certain level. However,
this post-processing step often resulted in an increase in the overall time and cost of the
AM process [22–25]. The aforementioned discussion highlights the need to develop an
innovative UT that can evaluate porosity without surface polishing, that is, even under
rough surface conditions.

Recently, deep learning (DL) methods have been actively employed in various fields,
including speech recognition [26], computer vision [27], and signal processing [28,29].
Other approaches have involved the application of DL to UT for feature extraction in defect
detection [30,31]. One advantage thereof is the excellent ability of DL to consistently and
accurately interpret ultrasonic signals for the characterization and detection of defects,
compared with conventional UT that are error-prone and often depend on the experience
and skills of non-destructive inspectors [32,33]. In addition, DL is able to effectively extract
and defect features, even from ultrasonic signals with a low SNR [34,35].

Although DL has been used in UT in many studies for the detection of cracks [36,37],
corrosion [38], welding defects [39,40], and others [31,33–35,41], only a few studies on DL-
based UT under low SNR conditions have been reported. For example, Munir et al. [34] used
DL for the classification of welding defects at low SNRs. They measured ultrasonic signals
from welding defects and then added various levels of artificial noise. They reported that
their convolutional neural network (CNN) outperformed the fully connected deep neural
network (DNN) and multi-layer perceptron (MLP) as the SNR decreased. Zhang et al. [42]
investigated DL to diagnose bearing faults at low SNRs. They added various levels of artificial
noise to bearing fault vibration signals measured by an acoustic emission method. Similar to
the aforementioned study, the classification performance of CNN was more accurate than that
of DNN, MLP, and a support vector machine at low SNRs. However, to the best of the authors’
knowledge, studies on DL-based UT to inspect AM parts have not been reported. Apart
from this, it would be difficult to directly apply the results of previous studies to DL-based
UT at low SNRs for the inspection of AM parts. This is because the reduction of the SNR of
ultrasonic signals as a result of the surface roughness of AM parts is more severe than that
due to the artificial noise used in previous studies.

In this study, we investigated the performance of DL-based UT to evaluate the porosity
of AM parts with a rough surface. Several surface polishing methods were used after the
AM process to obtain AM specimens with different levels of surface roughness. The porosity
content of AM specimens was controlled by varying the AM processing conditions. The
experimental procedures were as follows. (1) The amount of porosity was quantitatively
determined and the porosity generation mechanisms were evaluated using scanning
acoustic microscopy (SAM) and optical microscopy (OM), respectively. (2) The training and
testing datasets were composed of time-domain ultrasonic signals acquired by measuring
AM specimens, which were divided into 10 classes and labeled according to their porosity
content. CNN, DNN, and MLP models were used and trained using these datasets. The
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testing performance of the three models was evaluated and compared with respect to
the surface roughness. Furthermore, the applicability of the conventional UT was also
considered for performance comparison. (3) The generalization performance was evaluated
using newly manufactured AM specimens that were not used to train the DL model in
order to verify the generalizability of the pre-trained model.

2. Experiments

2.1. Fabrication of Porosity-Induced Specimens with Different Levels of Surface Roughness

Ten AM specimens with various levels of porosity were created using a commercial
selective laser melting machine (SLM 280 2.0, SLM Solutions, Lübeck, Germany) and com-
mercially pure Ti powder with a particle diameter range of 20–63 μm. The specimens were
20 mm × 10 mm × 3 mm in size and were numbered from #1 to #10. The porosity content
was controlled by varying the AM processing parameters, such as the laser power and
laser scanning speed, which are known as the main indices that affect the porosity content
of AM specimens. The processing parameters were selected after several preliminary tests
and are summarized in Table 1. Generally, increasing the laser power or decreasing the
scanning speed causes over-melting porosity. The opposite situation gives rise to porosity
with a lack of fusion (LOF) [43]. Recent studies have found that porosity may also develop
differently as a result of the variation in other properties such as the conduction-keyhole
mode conversion of the melt pool [44], laser absorptivity [45], energy dissipation rate, and
interaction time [46]. A detailed analysis of porosity mechanisms is provided in the next
section. After specimen fabrication, both sides of the surfaces were polished to obtain the
“smooth condition” using wire electrical discharge machining (EDM), where the arithmetic
mean roughness (Ra) measured by a general roughness tester was 0.65 μm.

Table 1. Laser power and laser scanning speed used for specimen creation.

Specimen
Name

#1 #2 #3 #4 #5 #6 #7 #8 #9 #10

Laser power (W) 275 355 275 235 315 355 355 355 235 235
Scanning speed (mm/s) 1091 1315 849 1187 1458 1517 1644 1793 768 725

To consider different surface roughness conditions, we fabricated 10 additional AM
specimens, numbered from #1′ to #10′, the surfaces of which on both sides had different de-
grees of roughness. The surface on one side was polished to attain the “medium condition”
by a general hand grinder that was used to separate specimens from the baseplate of a 3D
printer. The other side was “rough condition”, which corresponded to the as-deposited
raw surface. The Ra of each surface was 3.1 μm and 6.4 μm, respectively, which are also
listed in Table 2 together with those of the #1–#10 specimens. Except for the roughness
conditions, all the other properties were the same as #1–#10 specimens. A photograph of
the AM specimens is shown in Figure 1. Only the porosity of the specimens with smooth
surfaces was examined with SAM. The training/testing datasets were constructed by using
all three surface conditions.

Table 2. Three different conditions of surface roughness used in the experiments.

Roughness Condition Ra Value (μm) Surface Polishing Method

Smooth condition 0.65 Wire electrical discharge machining
Medium condition 3.1 Hand grinder
Rough condition 6.4 X (As-deposited state)
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Figure 1. Photographic image of the additive manufacturing (AM) specimens.

2.2. Porosity Examination

SAM was used to quantify the porosity content of the AM specimens. C-mode
imaging using a scanning acoustic microscope (HS-1000, Sonix, Springfield, VA, USA) was
conducted with a 75 MHz focusing-type transducer. Only AM specimens finished to obtain
the “smooth condition” were tested because the scanning quality of this imaging is highly
influenced by the surface condition of specimens [47]. The focal point and the C-mode
window were positioned at the center of the specimen. The window size was set to 1.5 mm,
which corresponded to half the thickness of the specimen, to obtain comprehensive results
for porosity. After the SAM analysis, a general optical microscope (GX53, OLYMPUS, Inc.,
Olympus, Tokyo, Japan) was used to analyze the shape and type of porosity. For the OM
analysis, the surfaces of AM specimens with the “smooth condition” were additionally
polished to lower their surface roughness to 0.04 μm.

Figure 2 shows the C-mode images that were obtained. The images clearly show that
the porosities, represented as bright spots, are distributed differently depending on the AM
processing conditions. These C-mode images were used to quantify the amount of porosity
by using the open-source software ImageJ [48]. Based on the 6 dB drop method, each image
was subjected to the binarization process, and the calculated porosity contents, defined
as the ratio of the pore area to the total area in two-dimensional space, are summarized
in Table 3. Note that these porosity contents are relative values [48]. According to the
amount of porosity, they were labeled from “Porosity level 1” to “Porosity level 10”. The
measured porosity content increases as the specimen number increases. Because specimen
#1 was manufactured under the optimal processing conditions, its porosity content was
the lowest at 0.7% as determined by SAM. Almost no porosity was observed in the OM
image shown in Figure 3a. Under this condition, the volume laser energy input (LEI) in the
melt pool was 70 J/mm3. The porosity contents of specimens #2 and #3 were in the range
of 2.5–7.5%. The LEI of these specimens was 75 and 90 J/mm3, respectively, which was
within the over-melting condition; this causes not only welded particles and wavy surfaces
but also entrapped gas, resulting in small pits and gas porosity, as shown in Figure 3b.
Specimens #4–#8 were manufactured under LEI conditions of 55–65 J/mm3. The porosity
content was within the range 7.5–27.5%, slightly higher than those of #2 and #3. Generally,
more porosity is created under LOF conditions than under over-melting conditions [49].
The lack of LEI prevents the powder in the inter- and intra-layers from melting sufficiently,
which results in LOF porosity with un-melted powder, as shown in Figure 3c. Although
these specimens had similar LEI levels, more pores were observed in specimens #7 and #8
than in #4–#6, as shown in Figure 2. This may be due to the insufficient interaction time of
the laser to melt the powder owing to the higher scanning speed [49]. The LEI of specimens
#9 and #10 was 85–90 J/mm3, within the over-melting condition. Despite the LEI being
similar to that of #2 and #3, the porosity content was significantly higher (over 27.5%). The
reason may be a combination of high LEI and low laser power, in which case a shallow melt
pool is generated, which may not be able to penetrate the previously deposited layers. This
result may yield a large number of pits with un-melted powder between the interlayers,
with the result that these specimens have the highest porosity, as shown in Figure 3d.
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Figure 2. C-scan images obtained from specimens #1 to #10.

Table 3. Porosity content of specimens #1 to #10 as measured using scanning acoustic microscopy (SAM), and the
corresponding porosity levels.

Specimen
Name

#1 #2 #3 #4 #5 #6 #7 #8 #9 #10

Porosity (%) 0.7 3.2 5.2 7.6 11 13 23 26 29 39

Porosity Level Lev. 1
(0–2.5)

Lev. 2
(2.5–5)

Lev. 3
(5–7.5)

Lev. 4
(7.5–10)

Lev. 5
(10–12.5)

Lev. 6
(12.5–15)

Lev. 7
(22.5–25)

Lev. 8
(25–27.5)

Lev. 9
(27.5–30)

Lev. 10
(30-)

  
(a) (b) 

  
(c) (d) 

Figure 3. OM images of specimens (a) #1, (b) #3, (c) #6, and (d) #10.
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2.3. Ultrasonic Measurements

Ultrasonic measurements were conducted by a pulse-echo mode using a contact
transducer. This method is a well-known nondestructive testing technique that uses a
pulsed signal with a broad bandwidth and several back-wall echo signals [50]. A schematic
diagram and an image of the experimental setup are shown in Figure 4. A pulsed voltage
signal, generated by a commercial pulser/receiver, was sent to a 5 MHz piezoelectric trans-
ducer. A longitudinal wave with a wavelength of approximately 1.2 mm was emitted by the
transducer and was then incident on the AM specimen. At this wavelength, the ultrasonic
diffraction effect is negligibly small because the ultrasonic wave propagation distance is
in the range of the near field zone, which is obtained by D2/4λ = 19 mm, where D is the
transducer diameter and λ is the wavelength. The back-wall echo was received by the same
transducer, and the ultrasonic signal was displayed and saved on a commercial oscilloscope.
This echo signal reflects the effects of porosity in the ultrasonic propagation direction in the
form of variations in the ultrasonic arrival time and ultrasonic attenuations [50]. To mini-
mize the ultrasonic measurement errors, a pneumatic device that can apply a consistent
pressure of 0.4 MPa was used, such that the contact condition between the transducer and
the specimen was maintained consistently in each measurement [50]. Ultrasonic signals
were obtained for the three different surface conditions: smooth, medium, and rough.
Typical signals obtained for specimens #1 and #1′ prepared with three different surface
conditions are plotted in Figure 5. The three measured signals overlap with each other.
Although the porosity contents of specimens #1 and #1′ are the same, the difference in their
ultrasonic amplitudes is clearly visible when the three signals are compared. In particular,
the amplitude loss is very large on the surface of the “rough condition” specimen. The
SNRs of these signals were 33 dB, 16 dB, and 10 dB, respectively, as shown in Figure 5.
These SNRs are attributed to imperfect contact between the transducer and test specimens.
The presence of air gaps owing to the imperfect contact results in impedance mismatch
and also multi-reflections of the incident ultrasonic waves. Consequently, except for the
“smooth condition”, the additional changes in the properties of the incident ultrasonic
waves make it difficult to evaluate the porosity of rough surfaces by using conventional
UT such as ultrasonic velocity and ultrasonic attenuation coefficient measurements [22].

 
 

(a) (b) 

Figure 4. (a) Schematic diagram and (b) image of the experimental setup.
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Figure 5. Ultrasonic signals obtained from the three different surface conditions. The signals were
cropped to 5000 sampling numbers and were plotted to overlap with each other.

3. Porosity Evaluation in Rough Surface Conditions

3.1. Structures of Deep Learning Models

Artificial intelligence using neural network uses the group of correlated nodes moti-
vated by biological neurons [51,52]. The simplest model is the MLP, which consists of an
input layer, an output layer, and one hidden layer, where nodes are fully connected with
each other [53]. DNN consists of more than two hidden layers with input and output layers,
with the deeper structures being able to enhance the feature extraction capability. CNN
is a type of MLP designed to use a feature extractor that requires minimal pre-processing
with a fully connected neural network [51,54]. The feature extractor consists of one or more
convolutional and pooling layers. A high-level feature map obtained from the feature
extractor enables the network to be deeper with fewer parameters [55].

In this study, the CNN, DNN, and MLP models were used, and their performance
was compared. Among several types of CNN, a one-dimensional (1D) CNN, which is
effective not only to derive features from shorter segments of overall data but also accepts
any type of signal as the input, was used. This network comprised a 1D array-type input
layer, two convolutional layers, two max-pooling layers, a fully connected layer, and an
output layer [56]. The input layer was restricted to (5000 × 1) nodes, which corresponded
to the sampling numbers of the original ultrasonic signals. Note that the down-sampling of
input nodes from original signals can reduce the computation time during model training.
However, this down-sampling can also decrease the ability of the DL model to extract
porosity features in the ultrasonic signals. In the first convolutional layer, the kernel size
was set wide with (50 × 1) to restrain noise effectively, and the sizes of feature map and
stride were 32 and (5 × 1), respectively. In the second convolutional layer, the kernel size
was set to (4 × 1), considerably smaller than the first layer to extract a large number of
features. The sizes of the feature map and stride in the second layer were 64 and (2 × 1),
respectively. According to several simulation studies [34,35], these two convolutional
layers with different kernel sizes showed good performance in noisy conditions. After each
convolutional layer, one pooling layer was used, where both pooling and stride sizes were
(2 × 1). The fully connected layer was set to (1000 × 1) nodes and connected to the output
layer based on the softmax function F(si) with cross-entropy (CE) loss for classification,
derived as follows [34]:

F(si) =
esi

∑K
j=1 esj

, (1)

CE = −∑K
i tilog(si), (2)
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where s is the predicted output, subscript i indexes each output class, K is the total class
numbers, and ti is the real output. The activation function was a rectified linear unit (ReLU),
presented as follows [57]:

ReLU(z) = max(0, z). (3)

To prevent an overfitting problem, dropout regularization [58] with a 70% training
probability, which is a trick method to deactivate several nodes during training, was used
before and after the fully connected layer. This dropout is also effective for the stronger
robustness of the model. The learning rate was set to 0.001 after several trials. Note that
too large a learning rate shows a corresponding effect for the down-sampling of the input
nodes. Details of the CNN model are shown in Figure 6a. In the fully connected DNN
model, instead of using the convolutional layer, the fully connected layers were set deeper
than the used CNN model. Two hidden layers, i.e., (1000 × 1) and (1000 × 1) nodes, were
used. The previous simulation studies [34,35] also reported that the deeper structures
showed a better feature extraction ability of the DNN model. In the MLP model, only
one hidden layer with (1000 × 1) nodes was used. The other parameters of the DNN and
MLP models, such as the number of nodes of the input and output, and the dropout rate,
were set to correspond to those of the CNN model, as shown in Figure 6b,c, and Table 4.
The Relu and F(si) with CE functions were also used. All the models were designed using
TensorFlow and Keras.

 
(a) 

 

(b) (c) 

Figure 6. Architectures of the (a) convolutional neural network (CNN), (b) deep neural network (DNN), and (c) multi-layer
perceptron (MLP) models.
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Table 4. Parameters used to train each model.

Model CNN DNN MLP

Input 5000 5000 5000
1st conv: Feature map/Kernel/Stride 32/50/5 - -

1st max-pooling: Kernel/Stride 2/2 - -
2nd conv: Feature map/Kernel/Stride 64/4/2 - -

2nd max-pooling: Kernel/Stride 2/2 - -
Fully connected (Wide) 1000 1000 1000
Fully connected (Deep) 1 2 1

Drop out 70% 70% 70%
Learning rate 0.001 0.001 0.001
Cost function Softmax cross-entropy Softmax cross-entropy Softmax cross-entropy

Activation function ReLU ReLU ReLU

3.2. Procedures to Train and Test the Models

The CNN, DNN, and MLP models were trained using the prepared training dataset to
derive each specific function for porosity evaluation, after which the testing performance
was compared. Training was conducted by using a classification method based on super-
vised learning for three models, with the respective training datasets generating the class
label as the output. Ten labeled classes with porosity levels ranging from 1 to 10 were used
with the levels based on the results of the porosity content measurements obtained with
SAM. Ultrasonic signals were acquired from the surfaces with three different roughness
levels. For each surface roughness level, 100 ultrasonic signals were measured, of which
80 ultrasonic signals were randomly extracted and used as the training dataset. The re-
maining 20 signals were used as the testing dataset. Considering previous research [36],
the amount of data used to form the training and testing datasets is sufficient. The training
and testing datasets for each of the 10 porosity levels and the three different roughness
conditions are summarized in Table 5.

Table 5. Training and testing datasets according to roughness condition and porosity level.

Porosity
Level

Smooth Condition Medium Condition Rough Condition

Specimen
No. of Signals

Specimen
No. of Signals

Specimen
No. of Signals

Train Test Train Test Train Test

Lev. 1 #1 80 20 #1′ 80 20 #1′ 80 20
Lev. 2 #2 80 20 #2′ 80 20 #2′ 80 20
Lev. 3 #3 80 20 #3′ 80 20 #3′ 80 20
Lev. 4 #4 80 20 #4′ 80 20 #4′ 80 20
Lev. 5 #5 80 20 #5′ 80 20 #5′ 80 20
Lev. 6 #6 80 20 #6′ 80 20 #6′ 80 20
Lev. 7 #7 80 20 #7′ 80 20 #7′ 80 20
Lev. 8 #8 80 20 #8′ 80 20 #8′ 80 20
Lev. 9 #9 80 20 #9′ 80 20 #9′ 80 20

Lev. 10 #10 80 20 #10′ 80 20 #10′ 80 20

Figure 7 shows learning curves of the CNN, DNN, and MLP models for the “rough
condition”, which represents the testing accuracy and cost as a function of the number of
epochs. The testing accuracy was defined as the classification performance at each epoch
on the testing data, and was calculated as:

Testing accuracy (%) = m1/n1·100, (4)

where m1 is the number of testing data points classified well, and n1 is the overall number
of testing data points. The performance of the model can be evaluated from the testing
accuracy, which represents the classification performance at each epoch on the testing
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data. The cost represents the error between the real output and the predicted output of the
tested model based on the testing dataset. Figure 7 shows that the testing accuracy of the
respective CNN, DNN, and MLP model reached a global maximum and oscillated after
approximately the 40th epoch. Therefore, we monitored the testing accuracy from the 40th
epoch until the end, and the epoch that provided the highest testing accuracy was chosen
for the respective CNN, DNN, and MLP model [59]. A commercial CPU device was used
to train all models. The computation time for the respective CNN, DNN, and MLP model
was approximately 760, 500, and 96 s, respectively.

   
(a) (b) (c) 

Figure 7. Learning curves of the (a) CNN, (b) DNN, and (c) MLP models for the “rough condition”, showing the testing
accuracy and cost with respect to the number of epochs.

Table 6 lists the testing performance of the three different models for the various
surface roughness levels, and these results are compared in Figure 8. The testing per-
formance results are also listed as confusion matrices in Appendix A. For the “smooth
condition” surface, each CNN and DNN model delivered average testing performance of
98.5% and 98.0%, respectively. Although the performance of the MLP model was relatively
lower than that of the others, it also performed well at 96.0%. Increased roughness levels
caused the performance of all the models to decrease; however, the performance of all
the models exceeded 80.5% in terms of their accuracy. The model that delivered the best
performance for the “medium condition” and “rough condition” surfaces was CNN. The
performance only decreased to 97.5% and 94.5% for surfaces with these two roughness
levels, i.e., decreases of 1% and 4%, respectively, when compared with the “smooth condi-
tion” surface. Those of the DNN were 95.5% and 89.5% for the “medium condition” and
“rough condition”, respectively, a slightly larger decrease of 2.5% and 8.5%, respectively.
This tendency is more pronounced for the MLP model, in which case the performance
decreased to 92.0% and 80.5%, i.e., decreases of 4% and 16.5%, respectively. In comparison,
the performance of all models decreased slightly at porosity levels 1 and 2 compared with
the other levels regardless of the surface roughness conditions. Above porosity level 3, the
average performance for all roughness conditions for each of the CNN, DNN, and MLP
models was 99.4%, 96.3%, and 92.5%, respectively. However, below level 2, these values
decreased to 86.7%, 86.7%, and 77.5%, respectively.

Conventional UT is based on ultrasonic velocity and ultrasonic attenuation coefficient
measurements [13]. The use of these methods requires not only the first back-wall echo
signal but also the second echo in pulse-echo mode to be measured to extract the ultrasonic
velocity and attenuation coefficient parameters. A comparison of the extent to which the
parameters vary enables the porosity to be evaluated. These parameters are calculated
as follows [13]:

v =
d
τ

, (5)

a =
20
d

log
(

A1

A2

)
, (6)
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where v is the ultrasonic velocity, d is the ultrasonic wave propagation distance corre-
sponding to twice the thickness of the specimen, τ is the time-of-flight difference between
two consecutive echoes, a is the ultrasonic attenuation coefficient, and A1 and A2 are the
amplitudes of two consecutive echoes, respectively. Generally, the amplitude of the second
echo is smaller than that of the first echo because the second echo is propagated over a
longer distance.

Table 6. Testing performance of the three different models for the three different surface roughness
conditions.

Classification

Testing Performance (%)

Smooth Condition Medium Condition Rough Condition

CNN DNN MLP CNN DNN MLP CNN DNN MLP

Lev. 1 90 95 85 85 90 80 75 70 60
Lev. 2 95 95 90 90 90 80 85 80 70
Lev. 3 100 100 95 100 95 90 90 90 85
Lev. 4 100 100 95 100 95 95 100 85 75
Lev. 5 100 95 100 100 95 95 95 90 85
Lev. 6 100 100 100 100 100 100 100 95 85
Lev. 7 100 100 100 100 100 95 100 100 95
Lev. 8 100 95 100 100 95 95 100 95 90
Lev. 9 100 100 100 100 95 100 100 90 80

Lev. 10 100 100 95 100 100 90 100 100 80

Average 98.5 98 96 97.5 95.5 92 94.5 89.5 80.5

Figure 8. Performance of the CNN, DNN, and MLP models for the three different surface roughness
conditions.

Figure 9 shows two consecutive echoes measured from specimens with the three
surface roughness levels. For the “smooth condition” two echoes are clearly observed.
However, for the other roughness levels, the levels of the second echo and background
noise are almost similar owing to the amplitude loss from the rough surfaces. Conse-
quently, rough surface conditions make it difficult to employ conventional UT for porosity
evaluation.

Several reasons could exist for the high performance of the DL models in terms of
their porosity evaluation of AM parts with rough surfaces. The first simple reason is
their excellent ability to perform feature extraction. The use of DL models with deep and
wide structures with hidden nodes is known to be more effective for extracting features
than conventional UT [36]. The second reason is that the training dataset of the DL
model consists of the raw ultrasonic signals, whereas conventional UT, which includes the
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ultrasonic velocity and attenuation measurements, only uses the velocity and attenuation
coefficient parameters extracted from the ultrasonic signals. When the raw signal is used
for training, various properties including not only the velocity and attenuation but also
the ultrasonic backscattering and non-linearity can be used as features. Although not to
the same extent as the velocity and attenuation, backscattering and non-linearity are also
known to be related to the porosity content, which enhances the performance when DL
models are used [50]. Our experimental results showed that the rougher the surface, that
is, the lower the SNR, the more effective is the DL model. At the same time, the CNN
model outperformed the DNN and MLP models because the CNN model, which uses a
pre-processor, is beneficial for feature extraction from the waveform even for low SNRs.
The waveform of the ultrasonic wave propagating through the porous medium varied
locally. As mentioned above, the typical waveform variation is the delay in the arrival
time and ultrasonic attenuation owing to local elastic inhomogeneity at the boundary of
the pores. When the CNN model is used, both the convolutional and pooling layers in the
pre-processor assign a greater weight to this variation in the waveform, thereby enabling
the CNN to achieve more effective feature extraction than the other models.

Figure 9. Ultrasonic 1st and 2nd echo signals measured from surfaces with the “smooth condition”,
“medium condition”, and “rough condition”.

Note that, in addition to the surface roughness issue, porosity with an irregular distri-
bution pattern may affect the UT performance. For example, if the porosity is distributed
non-uniformly in the direction parallel to the surface attached to the ultrasonic transducer,
the UT performance may deteriorate depending on the positions at which measurements
are conducted (where the surface in contact with the transducer is assumed to be con-
stant). Generally, porosity originates from a lack of uniformity along the building direction
because the cooling rate is varied during AM building. In contrast, the plane normal
to the building direction is relatively uniform [21]. In our experiments, the ultrasonic
measurement was conducted using a transducer attached to the surface in the direction
normal to the building direction, as shown in Figure 4. In other words, an ultrasonic
wave propagating in a direction parallel to the building direction reflects the effects of
a non-uniform pore; however, the average porosity along this path is almost uniform in
the direction parallel to the surface attached to the transducer. Therefore, there may be
few errors in the UT performance owing to the irregular pattern in which the porosity is
distributed. However, in the case of low levels of porosity, this assumption may be difficult
to establish. In fact, our experimental results indicated that, below porosity level 2, the
performance is slightly lower.

3.3. Evaluation of the Generalization Performance

To verify the applicability of the pre-trained model, a generalization performance test
was carried out on newly fabricated AM specimens, which were not utilized to train the
models. The generalization test was conducted on specimens in the as-deposited condition,
i.e., the “rough condition”. Only the pre-trained CNN model, which delivered the best per-
formance for this roughness condition, was used. Two new specimens were manufactured
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by using the same AM process but different AM processing parameters. These parameters
did not correspond to the processing conditions of the existing 10 AM specimens that
were used to train the models. One-hundred ultrasonic signals were obtained for each
specimen and were used as input to the pre-trained model. Figure 10 shows the results
of the generalization performance of the two AM specimens using the pre-trained CNN
model. This model assessed the Test#1 specimen as “Porosity level 2” with the highest
probability of 89% and “Porosity level 1” with the second highest of 8%. This model also
rated the Test-#2 specimen as “Porosity level 8” with 91% and “Porosity level 7” with 7%.

 
(a) 

 
(b) 

Figure 10. Generalization test results for the (a) Test-#1 and (b) Test-#2 specimens.

To validate the results obtained by the pre-trained CNN model, SAM was also used to
assess the porosity content of the tested specimens. Because SAM cannot be employed to
examine as-deposited specimens with rough surfaces, the test specimens were additionally
polished using wire EDM. Figure 11 shows the obtained C-mode images. The porosity
contents that were calculated from these images are presented in Table 7 alongside the
assessment with the pre-trained CNN model. The calculated porosity contents of Test#1
and Test#2 were 4.3% and 27%, respectively, which were within the range of “Porosity
level 2” and “Porosity level 8”, respectively. In other words, the SAM results were in good
correspondence with the results assessed as having the highest probability by the CNN
model. In addition, the average generalization performance for the “rough condition” was
90%, which is slightly lower than the testing performance in Section 3.2. This might be due
to differences in the AM processing conditions [1] and the experimental environment.

Table 7. Comparison of the results obtained with the pre-trained model and SAM.

AM Specimen

Porosity Evaluation Results

Pre-Trained Model SAM

Porosity Level Porosity Content (%) Porosity Content (%)

Test-#1 Lev. 2 2.5–5 4.3
Test-#2 Lev. 8 25–27.5 27
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(a) (b) 

Figure 11. SAM results for the (a) Test-#1 and (b) Test-#2 specimens.

4. Conclusions

In this work, DL techniques were used in conjunction with UT to evaluate the porosity
of AM parts with rough surfaces. Key research outcomes were as follows.

(1) Various porosity mechanisms were investigated through SAM and OM analysis.
Porosity contents increased in the order of normal (the relative porosity content
measured by SAM: 0.7%), over-melting (4.2%), LOF (16.1%), and over-melting with
low laser power conditions (34%).

(2) A comparison of the performance results of the various DL models showed that all
the models were highly accurate at over 80.5%, even for the as-deposited specimens
with surfaces in the “rough condition”. In particular, CNN was the most effective at
94.5%. Owing to the low SNR of the measured ultrasonic signal, conventional UT
using ultrasonic velocity and ultrasonic attenuation coefficient measurements could
not be used to assess “medium condition” and “rough condition” surfaces.

(3) A generalization test was also conducted using newly as-deposited AM specimens
that were not used for training to evaluate the applicability of the pre-trained CNN
model. The test results confirmed the model’s high evaluation performance of 90.0%,
which corresponded well with the results obtained with SAM.

These results suggest that the use of DL could be expected to enhance the UT per-
formance with respect to the porosity evaluation of AM parts, even for as-deposited
rough surfaces.
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Appendix A

Table A1. Confusion matrices for the CNN model in three surface conditions.

CNN

Smooth condition

(Unit: %) Lev. 1 Lev. 2 Lev. 3 Lev. 4 Lev. 5 Lev. 6 Lev. 7 Lev. 8 Lev. 9 Lev. 10
Lev. 1 90 10 0 0 0 0 0 0 0 0
Lev. 2 5 95 0 0 0 0 0 0 0 0
Lev. 3 0 0 100 0 0 0 0 0 0 0
Lev. 4 0 0 0 100 0 0 0 0 0 0
Lev. 5 0 0 0 0 100 0 0 0 0 0
Lev. 6 0 0 0 0 0 100 0 0 0 0
Lev. 7 0 0 0 0 0 0 100 0 0 0
Lev. 8 0 0 0 0 0 0 0 100 0 0
Lev. 9 0 0 0 0 0 0 0 0 100 0

Lev. 10 0 0 0 0 0 0 0 0 0 100

Medium condition

(Unit: %) Lev. 1 Lev. 2 Lev. 3 Lev. 4 Lev. 5 Lev. 6 Lev. 7 Lev. 8 Lev. 9 Lev. 10
Lev. 1 85 10 0 5 0 0 0 0 0 0
Lev. 2 10 90 0 0 0 0 0 0 0 0
Lev. 3 0 0 100 0 0 0 0 0 0 0
Lev. 4 0 0 0 100 0 0 0 0 0 0
Lev. 5 0 0 0 0 100 0 0 0 0 0
Lev. 6 0 0 0 0 0 100 0 0 0 0
Lev. 7 0 0 0 0 0 0 100 0 0 0
Lev. 8 0 0 0 0 0 0 0 100 0 0
Lev. 9 0 0 0 0 0 0 0 0 100 0

Lev. 10 0 0 0 0 0 0 0 0 0 100

Rough condition

(Unit: %) Lev. 1 Lev. 2 Lev. 3 Lev. 4 Lev. 5 Lev. 6 Lev. 7 Lev. 8 Lev. 9 Lev. 10
Lev. 1 75 20 0 5 0 0 0 0 0 0
Lev. 2 10 85 5 0 0 0 0 0 0 0
Lev. 3 5 0 90 5 0 0 0 0 0 0
Lev. 4 0 0 0 100 0 0 0 0 0 0
Lev. 5 0 0 0 5 95 0 0 0 0 0
Lev. 6 0 0 0 0 0 100 0 0 0 0
Lev. 7 0 0 0 0 0 0 100 0 0 0
Lev. 8 0 0 0 0 0 0 0 100 0 0
Lev. 9 0 0 0 0 0 0 0 0 100 0

Lev. 10 0 0 0 0 0 0 0 0 0 100

Table A2. Confusion matrices for the DNN model in three surface conditions.

DNN

Smooth condition

(Unit: %) Lev. 1 Lev. 2 Lev. 3 Lev. 4 Lev. 5 Lev. 6 Lev. 7 Lev. 8 Lev. 9 Lev. 10
Lev. 1 95 5 0 0 0 0 0 0 0 0
Lev. 2 5 95 0 0 0 0 0 0 0 0
Lev. 3 0 0 100 0 0 0 0 0 0 0
Lev. 4 0 0 0 100 0 0 0 0 0 0
Lev. 5 0 0 0 5 95 0 0 0 0 0
Lev. 6 0 0 0 0 0 100 0 0 0 0
Lev. 7 0 0 0 0 0 0 100 0 0 0
Lev. 8 0 0 0 0 0 0 0 95 5 0
Lev. 9 0 0 0 0 0 0 0 0 100 0

Lev. 10 0 0 0 0 0 0 0 0 0 100
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Table A2. Cont.

DNN

Medium condition

(Unit: %) Lev. 1 Lev. 2 Lev. 3 Lev. 4 Lev. 5 Lev. 6 Lev. 7 Lev. 8 Lev. 9 Lev. 10
Lev. 1 90 10 0 0 0 0 0 0 0 0
Lev. 2 10 90 0 0 0 0 0 0 0 0
Lev. 3 0 0 95 5 0 0 0 0 0 0
Lev. 4 5 0 0 95 0 0 0 0 0 0
Lev. 5 0 0 0 5 95 0 0 0 0 0
Lev. 6 0 0 0 0 0 100 0 0 0 0
Lev. 7 0 0 0 0 0 0 100 0 0 0
Lev. 8 0 0 0 0 0 0 0 95 0 5
Lev. 9 0 0 0 0 0 0 0 0 95 5

Lev. 10 0 0 0 0 0 0 0 0 0 100

Rough condition

(Unit: %) Lev. 1 Lev. 2 Lev. 3 Lev. 4 Lev. 5 Lev. 6 Lev. 7 Lev. 8 Lev. 9 Lev. 10
Lev. 1 70 20 5 5 0 0 0 0 0 0
Lev. 2 15 80 5 0 0 0 0 0 0 0
Lev. 3 5 0 90 5 0 0 0 0 0 0
Lev. 4 10 0 5 85 0 0 0 0 0 0
Lev. 5 0 0 0 10 90 0 0 0 0 0
Lev. 6 0 0 0 0 5 95 0 0 0 0
Lev. 7 0 0 0 0 0 0 100 0 0 0
Lev. 8 0 0 0 0 0 0 0 95 0 5
Lev. 9 0 0 0 0 0 0 0 0 90 10

Lev. 10 0 0 0 0 0 0 0 0 0 100

Table A3. Confusion matrices for the MLP model in three surface conditions.

MLP

Smooth condition

(Unit: %) Lev. 1 Lev. 2 Lev. 3 Lev. 4 Lev. 5 Lev. 6 Lev. 7 Lev. 8 Lev. 9 Lev. 10
Lev. 1 85 15 0 0 0 0 0 0 0 0
Lev. 2 5 90 0 5 0 0 0 0 0 0
Lev. 3 5 0 95 0 0 0 0 0 0 0
Lev. 4 0 0 0 95 0 0 5 0 0 0
Lev. 5 0 0 0 0 100 0 0 0 0 0
Lev. 6 0 0 0 0 0 100 0 0 0 0
Lev. 7 0 0 0 0 0 0 100 0 0 0
Lev. 8 0 0 0 0 0 0 0 100 0 0
Lev. 9 0 0 0 0 0 0 0 0 100 0

Lev. 10 0 0 0 0 0 0 0 0 5 95

Medium condition

(Unit: %) Lev. 1 Lev. 2 Lev. 3 Lev. 4 Lev. 5 Lev. 6 Lev. 7 Lev. 8 Lev. 9 Lev. 10
Lev. 1 80 15 5 0 0 0 0 0 0 0
Lev. 2 15 80 0 5 0 0 0 0 0 0
Lev. 3 5 0 90 5 0 0 0 0 0 0
Lev. 4 0 0 0 95 0 0 5 0 0 0
Lev. 5 0 0 0 5 95 0 0 0 0 0
Lev. 6 0 0 0 0 0 100 0 0 0 0
Lev. 7 0 0 0 0 0 0 95 0 0 5
Lev. 8 0 0 0 0 0 0 0 95 0 5
Lev. 9 0 0 0 0 0 0 0 0 100 0

Lev. 10 0 0 0 0 0 0 5 0 5 90
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Table A3. Cont.

MLP

Rough condition

(Unit: %) Lev. 1 Lev. 2 Lev. 3 Lev. 4 Lev. 5 Lev. 6 Lev. 7 Lev. 8 Lev. 9 Lev. 10
Lev. 1 60 25 5 10 0 0 0 0 0 0
Lev. 2 15 70 5 5 0 0 5 0 0 0
Lev. 3 5 0 85 10 0 0 0 0 0 0
Lev. 4 10 0 10 75 0 0 5 0 0 0
Lev. 5 0 0 0 10 85 5 0 0 0 0
Lev. 6 0 0 0 5 5 85 5 0 0 0
Lev. 7 0 0 0 0 0 0 95 0 0 5
Lev. 8 0 0 0 0 0 0 0 90 0 10
Lev. 9 0 0 0 0 0 5 0 0 80 15

Lev. 10 0 0 0 0 0 0 5 0 15 80
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Abstract: This paper reports the study and development case of an innovative application of the
Cloud Manufacturing paradigm. Based on the definition of an appropriate web-based applica-
tion, the infrastructure is able to connect the possible client requests and the relative supply chain
product/process development capabilities and then attempt to find the best available solutions. In
particular, the main goal of the developed system, called AMSA (Additive Manufacturing Spare parts
market Application), is the definition of a common platform to supply different kinds of services that
have the following common reference points in the Additive Manufacturing Technologies (DFAM,
Design For Additive Manufacturing): product development, prototypes, or small series production
and reverse engineering activities to obtain Computer-Aided Design (CAD) models starting from a
physical object. The definition of different kinds of services allows satisfying several client needs
such as innovative product definition characterized by high performance in terms of stiffness/weight
ratio, the possibility of manufacturing small series, such as in the motorsport field, and the possibility
of defining CAD models for the obsolete parts for which the geometrical information is missed.
The AMSA platform relies on the reconfigurable supply chain that is dynamic, and it depends
on the client needs. For example, when the client requires the manufacture of a small series of a
component, AMSA allows the technicians to choose the best solutions in terms of delivery time,
price, and logistics. Therefore, the suppliers that contribute to the definition of the dynamic supply
chain have an important role. For these reasons, the AMSA platform represents an important and
innovative tool that is able to link the suppliers to the customers in the best manner in order to obtain
services that are characterized by a high-performance level. Therefore, a provisional model has been
implemented that allows filtering the technologies according to suitable performance indexes. A
specific aspect for which AMSA can be considered unique is related with the given possibility to
access Design for Additive Manufacturing Services through the Web in accordance with the possible
additive manufacturing technologies.

Keywords: additive manufacturing; key performance indicators; topology optimization; design for
additive manufacturing; design for additive manufacturing services

1. Introduction

Recently, the manufacturing sector has seen several changes in its own reference
markets. These changes are linked to different factors such as the advent of new tech-
nologies and customer needs. For the first aspect, the advent of new technologies, it has
introduced new ways to manufacture products that allow obtaining high flexibility and
new possibilities to manufacture components with innovative shapes. In addition to the
technologies, the customer needs have assumed a strategic importance because they are
going toward high quality levels, high customization, and high complexity of the products,
leading from the “Mass Production” model to the “Mass Customization” one. Another
important aspect that supports these market changes is the new capabilities that the IoT
(Internet of Things) offers. This term is a neologism that refers to an Internet extension
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toward the world of objects and places, which was introduced by Kevin Ashton in 1999
and further developed by the research agency Gartner [1].

Additive Manufacturing (AM) is defined as “a process of joining materials to make
objects from 3D model data, usually layer upon layer, as opposed to subtractive manufac-
turing methodologies” [2], and it is considered one of the most promising manufacturing
technologies, owing mainly to the geometrical flexibility it provides, but also to assets
such as production flexibility, lead time reduction for short series production, reduced
cradle-to-grave energy usage, and CO2 footprint [3]. With the rise of AM in the last decade,
a multitude of processes has become available to engineers, at a much lower cost than pre-
viously [4]. This has led to considering AM for manufacturing anything from appliances to
automobiles and aircrafts. However, the applicability of AM to such areas is questionable.
Moreover, although AM processes share a common approach and thus a few common
characteristics, each one of the market-available AM technologies presents its own unique
opportunities and limitations [4].

Zaman et al. introduce a generic decision methodology, based on multi-criteria
decision-making tools, that will not only provide a set of compromised AM materials,
processes, and machines but will also act as a guideline for designers to achieve a strong
foothold in the AM industry by providing practical solutions containing design-oriented
and feasible material-machine combinations from a current database of 38 renowned AM
vendors in the world. An industrial case study, related to aerospace, has also been tested in
detail via the proposed methodology [5].

AM has the potential to simultaneously build an object’s material and geometry but
considering unlimited potential does not guarantee having unlimited capability. The de-
signers working in the AM industry have to not only concentrate on the types of constraints
involved in procedures such as Computer-Aided Design (CAD) and the digitization of
its ideas [6], discretization (digital and physical) of the parts to be produced, assessing
capabilities of AM machines, and processing of materials to gauge the impact on properties,
but they also have to cater for new challenges and requirements associated with metrology
and quality control, maintenance, repair and recycling, lack of generic interdependency
between materials and processes, limitation in material selection, longer design cycle than
manufacturing cycle, surface finishing issues, and post-processing requirements [7,8]. Since
the stakeholders in AM industry related to part manufacture are not altering the design
completely in the “design phase”, thereby resulting in an increase in the costs incurred
both due to manufacturability and production time, it is highly important to address
the relationship between manufacturing constraints, customer requirements, and design
guidelines so that the overall cost including assembly and logistics is minimized [9].

Colosimo et al. present a cost model to evaluate the economic impact of defects and
process instability in metal Additive Manufacturing (AM) [10].

The introduction of new technologies could cause deep changes to the entire supply
chain configuration. A new approach designed to understand the importance of supply
chain considerations for a suitable technology assessment has been studied. It is aimed at
proposing a quantitative model for the evaluation of different structures of supply chains
based on different production technologies. In particular, by defining a set of Key Perfor-
mance Indicators and applying a multi-criteria decision method, a final score is computed,
giving important information about both environmental and economic aspects [11,12].

Bikas et al. define a framework to assist non-expert potential users of AM technology
with evaluating their specific use cases [13].

Di et al. establish a mathematical cost model to quantify the different cost components
in the direct metal laser sintering process, and it is applicable for evaluating the cost
performance when adopting dynamic process planning with different layer-wise process
parameters. The case study results indicate that 12.73% of the total production cost could
be potentially reduced when applying the proposed dynamic process planning algorithm
based on the complexity level of geometries. In addition, the sensitivity analysis results

168



Metals 2021, 11, 409

suggest that the raw material price and the overhead cost are the two key cost drivers in
the current additive manufacturing market [14].

Sustainability aspects and cost efficiency in the product lifecycle have great potential
for improvement, so cost models are necessary to assist managers in selecting part-specific
allocation strategies for metal spare parts realized in AM.

Ott et al. propose a two-stage model as a basis for decision support in spare part
allocation. The first stage introduces a multi-criteria part classification regarding classical
criteria as well as criteria referring to AM. The impacts on different spare part allocation
strategies such as final stockpiling, conventional spare part production, or AM on demand
will be the focus. Based on the first stage, a conceptual model for a comprehensive activity-
based cost assessment will be adopted to assess the arising costs that occur for each of the
compared allocation strategies [15].

Sabiston et al. expand upon existing mathematical constructs by providing an al-
gorithm to minimize the cost and time associated with additively manufactured parts
within a three-dimensional topology optimization framework. The formulation has been
constructed in such a manner to accommodate large-scale topology optimization problems,
including a filtering scheme requiring minimal storage of additional mesh information and
an iterative finite element analysis solver. A rigorous trade-off analysis is conducted to
determine the optimal contribution of additive manufacturing factors to minimize build
time [16].

Liu et al. present a manufacturing cost constrained topology optimization algorithm
considering the laser powder bed additive manufacturing process. The proposed algorithm
would provide an opportunity to balance the manufacturing cost while pursuing the
superior structural performance through topology optimization [17].

Palanisamy et al. adopt a multi-criteria decision-making (MCDM) technique, namely
the best-worst method (BWM), to select the suitable material for the product. This is along
with the end user expectations in AM. In the initial phase, the suitable machine to be
selected from the available machines is based on the parameters such as cost, accuracy,
variety of materials, and material wastage. From the variety of materials, the suitable
material was selected based on the respondent requirement. The criteria that had a greater
influence on the overall cost of the product manufacture through AM are identified and
used. According to the BWM, the criteria to be selected by the decision maker based on
the respondent expectations are identified. In the BWM method, pairwise comparisons are
carried out between the best and worst criterion suggested by the decision makers, as that
leads to the selection of the suitable material [18].

Within a research project, the authors have developed a web-based innovative solution
that is able to supply services thanks to innovative technologies such as internet capa-
bilities, additive manufacturing processes, product development know-how, and reverse
engineering systems.

This paper aims to report the obtained results thanks to the application of AMSA
(Additive Manufacturing Spare parts market Application) methodology to one of the
selected case studies in order to validate it also for complex geometries. The aim of the
defined methodology is to provide support to the AMSA operator to properly evaluate the
selection of suppliers based on the characteristics of the geometry to be created. Therefore,
a provisional model has been implemented that allows filtering the technologies according
to suitable performance indexes. The AMSA platform is a web-based service developed on
the basis of the main guidelines defined by the modern paradigm of Cloud Manufacturing
(https://www.amsacloudmanufacturing.it/, accessed on 1 December 2020).

The potential advantages that distinguish this paradigm are the following:

• Flexibility;
• Tool to support the decision-making process;
• Intelligent production “on demand”;
• Production capacities intended as services.
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After a brief description of the case studies, the appropriate Key Performance Indi-
cators (KPIs) have been defined and then calculated for a selected case study in order to
simulate the working condition of the AMSA operator, in the attempt to identify the most
suitable technologies to adopt for the component production. Starting from the Compati-
bility Index (CBA, provides a relative compatibility index between the product and the AM
machine, which is better described in the Appendix A) results, the components production
was therefore started and, once realized, the requirements validation was carried out.

At present, the procedure has been developed and tested with the AMSA test cases,
so the different indices values need to be further refined with the print of additional
components. The implemented relationships are the result of an analytical interpretation
of empirical evaluations matured on the field.

2. AMSA Methodology Description

The AMSA methodology was created with the aim to provide a functional tool, that is
integrable within a web platform to favor the selection of the most appropriate additive
technologies and/or machinery depending on the product characteristics.

In order to facilitate the inclusion of this platform within the additive market, it was
decided to start from market research to evaluate the most commercially interesting context.
Following this study, it was decided to concentrate activities on additive technologies aimed
at the production of metal components:

• Selective Laser Melting (SLM)
• Electron Beam Melting (EBM)
• Directed Energy Deposition (DED).

In addition, it is worth mentioning that they represent almost 100% of the production
capacity present on the market, and the three technologies also ensure the possibility of
managing a wide range of product requirements, from the large components proposed
by DED processes to the dimensional accuracy obtainable with SLM processes, up to the
management of particularly reactive materials thanks to the EBM ones. For each of the
above-mentioned technologies, an analytical–parametric model has been developed in
order to correlate the main process parameters with product performance in terms of costs
quality and mechanical characteristics. The developed models, supported by suitable
experimental tests that are able to calibrate and optimize the simulation parameters, have
allowed us to identify the most relevant process variables responsible for the additive
production success for each technology.

Figure 1 shows the configured supply chains for new products and spare parts. As
reported, the supply chain is not fixed, and it varies, taking into account the typology
of services. One of the straight points of the AMSA platform is the possibility to adapt
the supply chain and the resources to the market changes. AMSA represents also a good
opportunity for the suppliers to improve the action range and then their business.

Starting from these results, the AMSA methodology has been developed, with the
aim to extrapolate and to create appropriate relationships among different data sources
able to provide, for each component to be produced by additive manufacturing, a series of
key information:

• The most suitable technology;
• The suggested machine type;
• The production time;
• The production cost.

Considering the large amount of variables to be managed, it was decided to consider
an approach based on the selection of a series of technical KPIs, whose objective is to
provide an index of compatibility of each machine type (non-technology) with respect to
the requirements of the component to be produced (Table 1).
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(a) New Product (b) Spare Parts 

Figure 1. AMSA (Additive Manufacturing Spare parts market Application) supply chain: (a) new product; (b) spare part.

Table 1. Matrix example that associates the Key Performance Indicator (KPIs) with the various machine types available on
the platform (Powder Bed, PB or Directed Energy Deposition, DED).

AVAILABLE MACHINES

PRODUCT A
Machine

PB_1
Machine

PB_2
Machine

PB_3
Machine
DED_1

Machine
DED_2

Machine
DED_3

K
PI

KPI1 29% 94% 83% 79% 45% 61%

KPI2 25% 75% 51% 92% 7% 97%

KPI3 13% 99% 25% 11% 71% 90%

KPI4 26% 53% 89% 41% 39% 8%

KPI5 76% 97% 44% 66% 18% 50%

KPI6 78% 91% 26% 79% 57% 44%

KPI7 25% 61% 40% 33% 12% 29%

KPI8 52% 76% 54% 83% 3% 10%

KPI9 58% 16% 61% 48% 100% 97%

KPI10 30% 98% 93% 25% 82% 97%

KPI11 16% 28% 11% 77% 76% 2%

COMPATIBILITY 39% 72% 53% 58% 46% 53%

The technical KPIs have a percentage values from 0 to 100% and different calculation
methods depending on the considered case.

Once the KPIs calculation is completed, the platform provides a list of solutions
ordered based on a compatibility KPI (CBA), which were obtained as an average (properly
weighed) of the other available KPIs. With the compatibility KPI, the platform provides
two other fundamental KPIs, which provide a complete summary that is able to facilitate
the choice of the most appropriate machinery:

• Cost KPI (CST): provides an evaluation of the component price to be produced associ-
ated with the various machines available in AMSA;

• Time KPI (TMP): provides an estimate of production times according to the consid-
ered technology.

Identification of the technical KPIs, which define the CBA compatibility KPI, has been
defined from a comprehensive analysis of the following aspects:
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• The physical and mechanical characteristics of the materials selected for industrial
applications;

• Analytical models selected from what is available in the technical and scientific litera-
ture;

• Analytical–empirical models developed by the research group during previous R&D
(Research and Development) activities;

• Finite Element (FE) models where useful to make the correlation between process
parameters and obtainable final results objective;

• The performance specifications description to be achieved for the selected industrial
applications.

Therefore, the final list of the defined technical KPIs is the following:

• Material evaluation (MAT);
• Overall dimensions study (ING);
• Precision analysis (PRE);
• Resolution analysis (RIS);
• Roughness analysis (RGS);
• Study of the undercuts (STQ).

To formulate each one of the KPIs, the research team has tried to take into considera-
tion all the aspects that are evaluated by the specialists during the process design phase
for a specific product. These aspects have been correlated with each other in specific
flow diagrams and then translated into analytical expressions, which are appropriately
calibrated according to a series of experimental results. Figure 2 shows, as an example, the
flow chart of the MAT KPI.

 
Figure 2. Flow chart of the material evaluation (MAT) Key Performance Indicator (KPI).

In the specific case of the material to be used for the production of the component, it is
a direct request from the customer, which must be crossed with the available technologies to
verify that it is actually obtainable with the available machines and evaluate any problems
related to the timing or processability. MAT KPI is an index between 0 and 1, and has as its
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objective the expression of the process described in the Figure 1: once the request for an
estimate has been received, the material indicated by the customer must be compared with
the databases of the machines made available by the AMSA platform to identify the list of
those who are actually capable of handling the material. Therefore, the list of machines is
ordered according to three criteria:

• Powder supply time;
• Time to change material in the machine;
• Risk of material processability.

Evaluating the aspects highlighted in Figure 1, the following expression of MAT was
proposed; the details are provided in the Appendix A.

MAT = θmat·
⎛⎝αappr· 1√

1 + τapprw[g]

+ αmt· 1√
1 + τAMmt[g]

+ αfr·(2 − fr)

⎞⎠ (1)

• θmat: compatibility between material and machine;
• αappr: metal powder supply coefficient;
• τapprw[g]: supply time for metallic powders (days);
• αmt: material change coefficient;
• τAMmt[g]: material change time (days);
• αfr: material processability risk coefficient;
• fr: risk factor of material processability, which represents a factor for increasing the

mass of material required by the process, and it is requested to the supplier.

A clearly different approach was instead reserved for the KPIs of Cost (CST) and
Time (TMP), which present particularly complex formulations that are able to take into
consideration all the production phases of a product from design to finishing (Figure 3).

 
Figure 3. List of production phases considered for the Cost KPI (CST) and Time KPI (TMP) calculation.

In addition, in this case, the complete formulations are provided in Appendix A.
With the application of the methodology, appropriately integrated within the AMSA
platform, users are therefore able to evaluate the main process aspects and compare them,
as described below.

3. Test Cases

• Automotive manifold (Figure 4): The use case representative of the possible industrial
application for the spare part is a manifold that is used in the automotive sector for the
discharge of exhausted gas. The product is currently made by welding three different
components: a flat base suitably drilled, a truncated cone of connection, and a final
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neck on which the exhaust pipe is inserted. The welds are clearly visible in the image
shown in Figure 4. The material is 316L stainless steel, which is able to withstand the
high temperatures of the gas generated by combustion.

 

Figure 4. Real automotive manifold.

• Fused Deposition Modeling (FDM) head (Figure 5): The use case identified to repre-
sent the classes of components indicated as “new product” and “small series” is an
assembly of metal parts welded together, which was designed by the research group
to connect an FDM nozzle to the Z-axis of a Cartesian machine carried out within
another research project. The prototype works in two different configurations:

- FDM for traditional plastics (PLA, ABS, PP);
- FDM for PEEK in a controlled temperature atmosphere.

 

Figure 5. Fused Deposition Modeling (FDM) head of PEEK extrusion machine.

The difference between the two configurations consists in the assembly of a heated
chamber conveniently sized to guarantee a constant temperature of 120 ◦C and thus reduce
thermal stress due to the additive process to a minimum that can generate important
tensions and distortions, such as compromising the correct growth of the component. In
the case of PEEK, this minimum requires process temperatures over 350 ◦C.

4. Methodology Application to the Case Studies

In this section, the KPIs have been calculated based on the three machine types
available: DED, SLM, and EBM. As an example, the application of the methodology for the
FDM head for traditional plastics is reported.
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4.1. KPIs Calculation for the FDM Head for Traditional Plastics

The FDM head for traditional plastics has been made in A357 and must respect defined
functional requirements.

4.1.1. MAT KPI

This index evaluates the effects of compatibility between the material requested by
the customer and the analyzed AM machine.

The A357 material is compatible with DED and SLM technologies. For this last
machine, it represents a “main material”; for this reason, in this case, the supply time
and the material change time are equal to zero. The EBM does not manage aluminum
alloys because due to working conditions very close to the vacuum, there have been
detected cases of material vaporization subjected to electron beam bombardment. This
problem has no consequences only from the point of view of the deposition process, but it
represents a critical condition also from the point of view of safety, because the vaporized
particles generate scattering in the electrons, which are therefore spread uncontrollably
inside the chamber. Regarding DED, a rather high-risk coefficient has been inserted, since
the aluminum alloys processability has always been particularly problematic with this
technology (Table 2).

Table 2. MAT calculation for the FDM head for traditional plastics.

MAT Allowed Values Description DED SLM EBM

Material A357 A357 A357

θmat [0]; [1]
0 = incompatible material

1 1 0
1 = compatible material

αappr [0:1] Weight related to the powder supply time 0.5 0.5 0.5

τapprw[g] [0:∞) Time expressed in days equal to the
powder supply time 7 0 14

αmt [0:1] Weight related to material change time 0.3 0.3 0.3

τAMmt[g] [0:∞)
Time expressed in days equal to the

powder change time in the machine for a
given material

2 0 5

αfr [0:1] Weight related to the risk of material
processability in the machine 0.2 0.2 0.2

fr [1: ∞)
Material processability risk in the

machine - Increase factor of material
mass required by the process

1.5 1 1

MAT 45% 100% 0%

4.1.2. ING KPI

ING KPI evaluates the compatibility between the dimensions of the component(s)
to be produced with respect to the AM machine. The aspects considered by this KPI are
as follows:

• Compatibility between the component overall dimensions and the machine work-
ing volume;

• Convenience of work volume saturation in the case of powder bed processes.

The considered component has dimensions such that it can be processed by all the
considered machinery. The lowest value of ING for powder bed technologies derives from
the fact that the production of a single piece does not saturate the working volume, which
instead happens (for obvious reasons) in the case of DED (Table 3).
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Table 3. Overall dimensions study (ING) calculation for the FDM head for traditional plastics.

ING Allowed Values Description DED SLM EBM

θing [0]; [1]

Bigger component of the machine
working volume

1 1 1
Compatible component with the machine

working volume

xAM [0:∞)
Machine working volume expressed as

X-Y-Z in m

1.000 0.245 0.200

yAM [0:∞) 1.500 0.245 0.200

zAM [0:∞) 2.000 0.300 0.300

xd [0:∞) Volume of the parallelepiped containing
the component to be produced expressed

as X-Y-Z in m

0.100 0.100 0.100

yd [0:∞) 0.100 0100 0.100

zd [0:∞) 0.185 0.185 0.185

m [0:∞) Maximum number of components that
can be produced within a job 1 4 8

n [0:∞) Number of components of the lot 1 1 1

ncycle [0:∞) Cycles number required by the machine
to produce the entire lot 1 1 1

ING 96% 39% 29%

4.1.3. PRE KPI

PRE KPI evaluates the compatibility between the precision required by the component
and the precision guaranteed by the machine. The aspects considered by the KPI are
as follows:

• Reference precision of the component;
• Accuracy guaranteed by the machine.

The precision required by the component is compatible only with SLM and EBM
technologies; this means that in the case of DED, it is necessary to provide subsequent
mechanical processes to ensure that the customer’s requirements are respected (Table 4).

Table 4. Precision analysis (PRE) calculation for the FDM head for traditional plastics.

PRE Allowed Values Description DED SLM EBM

θpre [0]; [1]
θpre = 0 → ζd < ζAM 0 1 1
θpre = 1 → ζd > ζAM

ζd [0:∞) Reference precision of the component 0.200 0.200 0.200

ζAM [0:∞) Machine precision 0.500 0.050 0.100

PRE 0% 75% 50%

4.1.4. RIS KPI

RIS KPI evaluates the compatibility between the smallest feature of the component and
the machine’s capabilities in making it. The aspects considered by the KPI are as follows:

• The smallest feature dimension in the component;
• Machine resolution.

The resolution required by the component is compatible with all technologies; there-
fore, it is not necessary to provide subsequent mechanical processes to remove excess
material (Table 5).
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Table 5. Resolution analysis (RIS) calculation for the FDM head for traditional plastics.

RIS Allowed Values Description DED SLM EBM

θris [0]; [1]
θris = 0 → ξd < ξAM 1 1 1
θris = 1 → ξd > ξAM

ξd [0:∞) Reference resolution of the component 2.000 2.000 2.000

ξAM [0:∞) Machine resolution 1.000 0.300 0.400

RIS 50% 85% 80%

4.1.5. RGS KPI

RGS KPI evaluates the compatibility between the roughness required by the compo-
nent and the roughness obtainable by the AM machine. The aspects considered by the KPI
are as follows:

• Component reference roughness;
• Roughness guaranteed by the machine.

The roughness required by the component is not compatible with the available ma-
chinery for which, for the interested areas by that type of roughness, it is necessary to
provide subsequent mechanical processing (Table 6).

Table 6. Roughness analysis (RGS) calculation for the FDM head for traditional plastics.

RGS Allowed Values Description DED SLM EBM

θrgs [0]; [1]
θrgs = 0 → χd < χAM 0 0 0
θrgs = 1 → χd > χAM

χd [0:∞) Component reference roughness 3.2 3.2 3.2

χAM [0:∞) Roughness obtainable with the machine 15.0 5.0 10.0

RGS 0% 0% 0%

4.1.6. STQ KPI

STQ KPI evaluates the compatibility between the undercut surfaces and the capacity
of the considered AM machine. The aspects considered by the KPI are as follows:

• Surface of the undercut areas;
• Total component surface.

The amount of surfaces in undercut conditions is rather important compared to the
total; therefore, the KPI suggests the powder bed technologies that are more easily able to
manage it (Table 7).

Table 7. Study of the undercuts (STQ) calculation for the FDM head for traditional plastics.

STQ Allowed Values Description DED SLM EBM

Sd [0:∞) Total surface of the component 0.028 0.028 0.028

St [0:∞) Total surface in undercut 0.003 0.003 0.003

ψ [0:1] Support management coefficient 0.1 0.6 1.0

STQ 9% 78% 91%

4.1.7. CST KPI

The objective of this KPI is to provide an indicative economic quotation of the product
according to the indicated technology. The aspects considered by the KPI are costs due to
the following:
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• Material;
• Printer usage time;
• Operator;
• Geometry complexity.

The CST KPI presents results only for SLM and DED, because the EBM does not
support aluminum and the methodology also sets the result of CST to zero. In this case,
the value of the DED machine is slightly lower, but the SLM technology provides a valid
alternative due to the fact that DED has several disadvantages on aluminum management.
In this case, the quantity of lot numbers has its weight: if the lot number had been higher
and next to 4 (work volume saturation for SLM), the CST value would clearly favor the
SLM machine (Table 8).

Table 8. CST calculation for the FDM head for traditional plastics.

CST Allowed Values Description DED SLM EBM

θmat [0]; [1]
0 = incompatible material

1 1 0
1 = compatible material

θing [0]; [1]
0 = bigger component of the machine working

volume 1 1 1

1 = component compatible with the working
volume of the machine

n [0:∞) Number of components of the lot 1 1 1

δd [0:∞) Density of the material indicated by the customer
(kg/m3) 2670 2670 2670

Vd [0:∞) Volume of the component to be produced (m3) 5.03 × 10−8 5.03 × 10−8 5.03 10−8

Sd [0:∞) Total surface of the component(m2) 0.0282 0.0282 0.0282

γrt [0:∞) Average machining allowances thickness
identified by technology (m) 0.002 0.0002 0.0005

ϕw [0:1]
Ratio between the surface subject to machining

allowance and the total surface of the component
(%)

8% 8% 8%

εwr [0:1] Powder management efficiency in the machining
allowance production (%) 70% 85% 85%

εwd [0:1] Powder management efficiency in the component
production (%) 70% 85% 85%

Cw [0:∞) Unit cost of metal powders (€/kg) 70 130 0

δt [0:∞) Material density chosen for the supports (kg/m3) 2670 2670 2670

Vboudt [0:∞) Volume of the parallelepiped containing the
support structures (m3) 0.0003 0.0003 0.0003

ϕt [0:1] Technological coefficient for the supports material
mass (%) 0.1 0.6 0.3

Ct [0:∞) Unit material cost required for the supports (€/kg) 70 130 0

δg [0:∞) Density of the anchor plate material (kg/m3) 2670 2670 2670

μg [0:∞) Anchor plate thickness (m) 0.025 0.025 0.025

Sbound [0:∞) Surface of the component bounding box (m2) 0.01 0.01 0.01

ϕg [0:∞) Coefficient of increase of the bounding box surface
(%) 10% 5% 5%
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Table 8. Cont.

CST Allowed Values Description DED SLM EBM

fr [0:1] Material risk coefficient 1.5 1 1

Cg [0:∞) Unit cost of anchor plates (€/kg) 5 5 0

Kd [0:∞) Complexity coefficient for process design 1.3 1 1

cdop [0:∞) Cost operator time for process design €/h 30 30 30

τdor [0:∞) Operator time to identify component orientation
(h) 0.5 0.5 0.5

τdsl [0:∞) Operator time to identify the optimal slicing
strategy (h) 2 2 2

τdps [0:∞) Operator time to identify process parameters (h) 0.5 0.5 0.5

τdcm [0:∞) Operator time to set the tool path (h) 0.5 0.5 0.5

KAM [0:1] Complexity coefficient for additive production 1.3 1 1

cAMeq [0:∞) Hourly cost for Additive Production due to
amortization 50 46.5 81.4

cAMmh [0:∞) Hourly cost for Additive Production due to
maintenance 10 7.1 15

cAMen [0:∞) Hourly cost for Additive Production due to energy
consumption 1.93 1.68 2.57

cAMop [0:∞) Hourly cost for additive production due to the
operator 0 0 0

τAMmt [0:∞) Material change time (h) 0.5 0 5

τAMstart [0:∞) Machine start-up time (h) 1 3 3

τAMrisc [0:∞) Machine preheating time (h) 0 1 1

m [0:∞) Maximum components number that can be
produced within a job 1 4 8

τAMcc [0:∞) Cycle change time (h) 2 4 1

Vd [0:∞) Total volume to be melted (m3) 0.000105976 0.000223014 0.000142268

PAM [0:∞) Machine productivity (m3/h) 0.000100 0.000015 0.000080

τAMraffr [0:∞) Room cooling time (h) 2 2 8

τAMclean [0:∞) Excess powder removal time (h) 0.5 4 4

CST (€) 633.39 € 1,541.08 €

4.1.8. TMP KPI

TMP KPI provides an estimation of component delivery time. The aspects considered
by the KPI are as follows:

• Powder supply time;
• Material change time in the machine;
• Time for process design;
• Accessory times for the machine heating and cooling phases;
• Production time;
• Machine cleaning time.

This KPI provides an estimate of the lot production times. In the case of EBM, it
remains equal to zero because, as already mentioned, it does not support the used material.
In the case of the SLM, it is the main material for which TMP only represents the production
time equal to about one day. For the DED, on the other hand, it also includes delivery times
for the powder that is not in stock (Table 9).
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Table 9. TMP calculation for the FDM head for traditional plastics.

TMP Allowed Values Description DED SLM EBM

θmat [0]; [1]
0 = incompatible material

1 1 0
1 = compatible material

θing [0]; [1]

0 = Bigger component of the machine
working volume

1 1 1
1 = component compatible with the

working volume of the machine

n [0:∞) Number of components of the lot 1 1 1

Vd [0:∞) Volume of the component to be produced
(m3) 5.03 × 10−8 5.03 × 10−8 5.03 × 10−8

τapprw[h] [0:∞) Powder supply time (h) 168 0 336

τdor [0:∞) Operator time to identify component
orientation (h) 0.5 0.5 0.5

τdsl [0:∞) Operator time to identify the optimal
slicing strategy (h) 2 2 2

τdps [0:∞) Operator time to identify process
parameters (h) 0.5 0.5 0.5

τdcm [0:∞) Operator time to set the tool path (h) 0.5 0.5 0.5

τAMmt [0:∞) Material change time (h) 0.5 0 5

τAMstart [0:∞) Machine start-up time (h) 1 3 3

τAMrisc [0:∞) Machine preheating time (h) 0 1 1

m [0:∞) Maximum components number that can
be produced within a job 1 4 8

τAMcc [0:∞) Cycle change time (h) 2 4 1

Vd [0:∞) Total volume to be melted (m3) 0.00010598 0.00022301 0.00014227

PAM [0:∞) Machine productivity (m3/h) 0.000100 0.000015 0.000080

τAMraffr [0:∞) Room cooling time (h) 2 2 8

τAMclean [0:∞) Excess powder removal time (h) 0.5 4 4

TMP (gg) 7.5 2.6 0.0

4.1.9. CBA KPI

The compatibility coefficient is represented by the appropriately weighted sum of a
series of contributions given by specific KPIs. This last can be analyzed separately by the
AMSA technician in the analysis of the estimate quotation, but the values will flow into the
CBA calculation, which will be used to order the list of suppliers to be evaluated (Table 10).
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Table 10. Compatibility Index (CBA) calculation for the FDM head for traditional plastic.

CBA Allowed Values Description DED SLM EBM

θmat [0]; [1]
0 = incompatible material

1 1 0
1 = compatible material

θing [0]; [1]

0 = Bigger component of the machine
working volume

1 1 1
1 = component compatible with the

machine working volume

PRE [0:1] Precision KPI 0% 75% 50%

RIS [0:1] Resolution KPI 50% 85% 80%

RGS [0:1] Roughness KPI 0% 0% 0%

STQ [0:1] Undercuts KPI 9% 78% 91%

CST (€) [0:∞) Cost KPI 633.39 € 1,541.08 €

TMP (gg) [0:∞) Time KPI 7.5 2.6 0

CBA (%) 40% 53% 0%

It provides a relative Compatibility Index between the product and the considered
AM machine.

Indeed, CBA provides an overview of the various KPIs:

• Both the material and the component overall dimensions are supported by SLM and
DED; the material is not supported by the EBM, which is therefore automatically
excluded from the CBA calculation.

• The required precision is manageable only by SLM; therefore, in the case of DED, it is
necessary to provide a specific post-processing step.

• The required resolution is largely managed by all the machines.
• The required roughness requires post-processing for all machines.
• There are undercuts; therefore, they should be more easily managed by powder bed

technologies.
• The cost slightly favors the DED, while the production time clearly favors the SLM.

Therefore, the final result of CBA suggests the geometry production by SLM.

5. Methodology Validation

Component production has allowed us to obtain the necessary information for the
KPI compilation and therefore the methodology validation.

5.1. FDM Head for Traditional Plastics

According to the KPI results, the head for traditional plastics should be produced by
SLM (A357). In the present paper, only the geometry and material analysis are presented,
since both the process parameters identification and the CAM development are not the
object of the present work.

5.2. Geometry and Material Analysis

For the FDM head, it has been necessary to proceed with a specific topology opti-
mization phase. The geometry is reported in Figure 6, where two slots are visible in the
upper part for the Cartesian Z-axis fixing (1), the holes (2) for the extruder mounting, and
the holes (3) for the folding assembly, which protects the aluminum structure from the
heat produced by the process chamber. Altair’s INSPIRE® software [19] has been used for
topology optimization. The four screw fixings have been constrained to the Z-axis of the
Cartesian. As load, we considered the component and extruder weight and the force due
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to the head movement, which has been applied on the lower plate as an acceleration equal
to 0.1 g in the X and Y-directions (Figure 7).

 

Figure 6. Component coupling surface.

Figure 7. Accelerations application point.

To simplify the component redesign after the optimization, the non-design zones have
been remodeled, and the slots for fixing to the Cartesian have become bushings, as well
as the holes for extruder fixing (Figure 8). The base plate has been cut by a laser, and to
ensure assembly, other bushings have been modeled for coupling screws insertion. Tetra
elements have been modeled to maintain a flush between this component and the Z-axis.

 

Figure 8. Material density distribution after topology optimization.
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Since the base plate must also allow the capacitive sensor to be mounted in the case
of PEEK production, and it must necessarily be removable, it was decided to remove it
from the “design space” and provide, on the optimized geometry, four holes to ensure this
assembly option.

The following optimizations have been realized:

• Optimization for A357 Aluminum to obtain the head for traditional plastics (SLM—
small series);

• Optimization for Ti6Al4V Titanium to obtain the head for traditional plastics (SLM—
new product).

The stiffness maximization has been defined as an objective function. The two results
have provided very similar geometries between them, and then, they have been remodeled
with Inspire’s PolyNurbs feature, which allows us to “coat” imperfect geometries deriving
from topology optimization with more regular shapes, in order to obtain components
almost ready for printing (Figure 9). Subsequently, the model has been engineered in the
SolidWorks® environment (Figure 10).

 

Figure 9. Remodeled component with PolyNurbs.

 

Figure 10. A357 component for Selective Laser Melting (SLM).
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Particular attention has been given to the interface areas between the PolyNurbs and
the non-design areas: the transition between the two portions of the CAD model must be
gradual to avoid the stress concentration in these areas during the printing process.

After the CAD modeling, the components were verified again by static analysis to
detect any stress concentrations. Figure 11 shows the real component created that was
detached from the sacrificial platforms and analyzed to verify the success of the production
process.

 

Figure 11. Real component made by SLM (small series).

6. Functional Requirements Verification and KPIs Validation for Small Series (SLM)

The created component has been removed from the sacrificial platforms and analyzed
to verify the obtained quality. As can be seen in Table 11, all the positioning tolerances
as well as the dimensional tolerances have been respected. The planarity of the reference
plans for the head mounting was verified.

Table 11. Functional requirements verification of the FDM head for traditional plastics.

FDM Head for Traditional Plastic
(Small Series)

Characteristic Functional Requirement

Head fixing component Z-axis

Positioning tolerances of the fixing holes mk 0.1

Reference plan planarity mk 0.1

Dimensional tolerance of through fixing holes mk 0.1

Reference plan planarity roughness Ra 3.2

Nozzle head fixing component

Positioning tolerances of the fixing holes mk 0.1

Dimensional tolerance of through fixing holes mk 0.1

Internal roughness of the holes Ra 1.6

Folding head fixing component

Positioning tolerances of the fixing holes mk 0.1

Reference plan planarity mk 0.1

Dimensional tolerance of through fixing holes mk 0.1

Structure and material Vibration resistance Able to support acceleration
of 0.1g
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However, the holes’ internal surfaces roughness did not respect the reference values,
and they have required further processing in order to consider the requirement satisfied.
The roughness has been measured and has been equal to 5.2 Ra on the reference plans and
7.7 Ra in the nozzle fixing holes.

Furthermore, the vibrations resistance was verified only from a numerical point of
view; in fact, the topological optimization was carried out based on this constraint.

From KPIs validation point of view, it is possible to compare the real data with those
predicted by the implemented methodology. Table 10 shows how precision, and undercuts,
as expected, were easily managed by technology. It is also confirmed that the roughness
was not obtainable with the additive process, and in fact, the process was able to provide a
maximum of 5.2 Ra.

Finally, as regards the production cost, a comparison was made with the calculated
real results, and a deviation of approximately 3.8% was found. Specifically, considering the
number of productive hours of an industrial machine equal to 2800, a cost of €1600 was
obtained, compared to the calculated value of €1541 (Table 10).

7. Conclusions

The target of this study has been to evaluate the capabilities of the AMSA methodology
considering a defined test case representative of a typical application in order to validate
the complex geometries that AMSA service could face. For this reason, the main operations
that the AMSA technician could manage for a possible production order request have
been simulated. The KPIs have been calculated considering the formulation described in
Appendix A.

Starting from the CBA results, the component has been manufactured. After the
production, in order to evaluate the AMSA methodology performance, a verification of the
functional requirements and the KPI values have been carried out. The obtained results
highlight that the AMSA methodology is robust enough to manage complex geometries,
and it represents a valid tool for manufacturing engineers during the decision process
related to the handling of possible production orders. The procedure has been developed
for AMSA test cases, and the different indices values need to be further refined with the
printing of additional components.

On the basis of the obtained results, the methodology seems to respond, above all
qualitatively, quite well to the variables introduced, even for complex components such as
the considered use cases.

From a quantitative point of view, especially as regards the production cost, it would
be good to carry out other tests with different geometries in order to have a statistical basis
capable of further improving the formulation of the technological coefficients that have a
significant weight in the CST calculation. What has been demonstrated certainly represents
an important result that can be the starting point for the drafting of real algorithms able to
assist the AMSA operator in deciding which technology to use for production, highlighting
all the critical aspects that should be kept into account.
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Appendix A

To better understand the details, the complete formulation of the indexes listed above
is shown below.
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Appendix A.1. Material Index “MAT”

The following is the complete formulation of the MAT index with the relative control
variables.

MAT = θmat·
⎛⎝αappr· 1√

1 + τapprw[g]

+ αmt· 1√
1 + τAMmt[g]

+ αfr·(2 − fr)

⎞⎠ (A1)

• θmat: compatibility between material and machine
• αappr: metal powder supply coefficient
• τapprw[g]

: supply time for metallic powders [days]

• αmt: material change coefficient
• τAMmt[g]

: material change time [days]

• αfr: material processability risk coefficient
• fr: risk factor of material processability, which represents a factor for increasing the

mass of material required by the process, and it is requested to the supplier.

Appendix A.2. Production Cost Index “CST”

Below, we describe the complete formulation of the CST index with the list of related
control variables.

CST = θmat · θing

·
{[

(n·δd)·
(

Vd
εWd

+ Sd·γrt·ϕw
εWr

)]
·Cw + [n·δt·Vboundt·ϕt]·Ct

+
[
n·μg·Sbound·

(
1 +ϕg

)·δg

]
·Cg
}·fr

+
{

Kd·
(

Cdop ·
(
τdor + τdsl

+ τdps + τdcm

))
+ Kam

·
[(

CAMeq + CAMmh + CAMen + CAMop

)
·
(
τAMmt + (τAMstart + τAMrisc)·

[ n
m
]
+ Vd

VAM
·n + τAMcc ·

([ n
m
]− 1

)
+
(
τAMraffr + τAMclean

)·[ n
m
]
)]}

(A2)

• θmat: compatibility between material and machine
• θing : compatibility between component and the machine working volume
• δd: material density indicated by the customer (kg/m3);
• Vd: volume of the component to be produced (m3);
• Sd: total area of the component (m2);
• γrt: average machining allowance thickness identified by technology (m);
• ϕw: ratio between the surface subject to machining allowance and the total surface

area of the component (%);
• εwr : powders management efficiency in the production of machining allowance (%);
• εwd: powders management efficiency in the production of the component (%);
• Cw: unit cost of metal powders (€/kg);
• δt: material density chosen for the supports (kg/m3);
• Vboundt : parallelepiped volume of the containment of support structures (m3);
• ϕt: technological coefficient for the mass of material for the supports (%);
• Ct: unit cost of the material required for the supports (€/kg);
• δg: material density of the anchor plate (kg/m3);
• μg: thickness of the anchor plate (kg/m3);
• Sbound: surface of the component’s bounding box (kg/m3);
• ϕg: increase coefficient of the bounding box surface (%);
• fr: material risk coefficient;
• Cg: unit cost of the anchor plates (€/kg);
• Kd: complexity coefficient for process design;
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• KAM: complexity coefficient for additive production;
• cdop : operator hourly cost for process design;
• τdor : operator time to identify component orientation (h)
• τdsl

: operator time to identify the optimal slicing strategy (h)
• τdps : operator time to identify process parameters (h)
• τdcm : operator time to set the tool path (h)
• cAMeq : hourly cost for Additive Production due to amortization;
• cAMmh : hourly cost for Additive Production due to maintenance;
• cAMen : hourly cost for Additive Production due to energy consumption;
• cAMop : hourly cost for Additive Production due to the operator;
• τAMmt : material change time (h);
• τAMstart : machine start-up time (h)
• τAMrisc : machine preheating time (h);
• n: components of the lot number;
• m: maximum number of components that can be produced within a job;
• [ n

m
]
: number of jobs required by a machine with a maximum capacity of m compo-

nents to make n components;
• τAMcc : cycle change time (h);
• PAM: machine productivity (m3/h);
• τAMraffr : chamber cooling time (h);
• τAMclean : excess powders removal time (h).

Appendix A.3. Production Time Index “TMP”

The following is the complete formulation of the TMP index with the relative control
variables.

TMP = θmat · θing

·
{
τapprw[h]

+
(
τdor + τdsl

+ τdps + τdcm

)
+
[
τAMmt +

(
τAMstart + τAMrisc

)·( n
m

)]
+

[
Vd

PAM
·n + τAMcc ·

(( n
m

)
− 1
)]

+
[(
τAMraffr + τAMclean

)·( n
m

)]}
(A3)

• θmat: compatibility between material and machine
• θing : compatibility between component and the machine working volume
• τapprw[h]

: powder supply time (h)

• τdor : operator time to identify component orientation (h)
• τdsl

: operator time to identify the optimal slicing strategy (h)
• τdps : operator time to identify process parameters (h)
• τdcm: operator time to set the tool path (h)
• τAMmt : material change time (h)
• τAMstart : machine start-up time (h)
• τAMrisc : machine preheating time (h)
• m: maximum components number that can be produced within a job
• τAMraffr : room cooling time (h)
• τAMclean : excess powder removal time (h)
• τAMcc : cycle change time (h)
• n : number of components of the lot
• PAM: machine productivity (m3/h)
• Vd : total volume to be melted (m3)
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Appendix A.4. Overall Dimensions of the Component in the Machine “ING”

The following is the complete formulation of the ING index with the relative control
variables.

ING = θing·
⎧⎨⎩
[(

[(xAM−Xd)]
xAM

+ (YAM−Yd)
yAM

+ (zAM−zd)
zAM

)
/3
]
+
[

n
m −

(
ncycle − 1

)]
2

⎫⎬⎭ (A4)

• θing: compatibility between component and the machine working volume
• xAM
• yAM: machine working volume
• zAM
• xd
• yd: volume of the parallelepiped containing the component
• zd
• n: number of components of the lot
• ncycle: job numbers
• m: maximum number of components that can be produced within a job

Appendix A.5. Technology Precision “PRE”

The following is the complete formulation of the PRE index with the relative control
variables.

PRE = θpre· (ζd − ζAM)

ζd
(A5)

• θpre: product—machine coefficient, θpre = 0 → ζd< ζAM θpre = 1 → ζd >ζAM ;
• ζd: reference precision of the component;
• ζAM: machine precision.

Appendix A.6. Technology Resolution “RIS”

The following is the complete formulation of the RIS index with the relative control
variables.

RIS = θris· (ξd − ξAM)

ξd
(A6)

• θris: product—machine coefficient, θris = 0 → ζd< ζAM θris = 1 → ζd >ζAM ;
• ζd: reference resolution of the component;
• ζAM: machine resolution.

Appendix A.7. Undercuts Management “STQ”

The following is the complete formulation of the STQ index with the relative control
variables.

STQ =
Sd(

St
·2 + Sd

) (A7)

• Sd : total component surface;
• St : total undercut surface;
• ψ : support management coefficient.

Appendix A.8. Technology Roughness “RGS”

The following is the complete formulation of the RGS index with the relative control
variables.

RGS = θrgs· (χd − χAM)

χd
(A8)

• θrgs: product—machine coefficient, θrgs = 0 → χd< χAM θrgs = 1 → χd >χAM ;
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• χd: component reference roughness;
• χAM: roughness obtainable with the machine.

Appendix A.9. Compatibility Index “CBA”

The following is the complete formulation of the CBA index with the relative control
variables.

CBA = θmat·θing

·
{
αgmt·

(
PRE + RIS + RGS + STQ

4

)
+ αcst

·
(

1 − CST
CSTmax·(1 + αcst)

)
+ αtmp·

(
1 − TMP

TMPmax·
(
1 + αtmp

))}
(A9)

The KPI in equal to zero when θmat or θing are null, which are conditions correspond-
ing respectively to an incompatibility in terms of material (the material is not supported by
the machine) or overall dimensions (the component is too large compared to the machine’s
working volume).

If PRE, RIS, RGS, or STQ are equal to zero, CBA does not become null because the
component is actually feasible; it requires only additional treatments or workings that
cannot be ignored if the customer’s request is to be satisfied.

• θmat: θmat = 0 → incompatible material θmat = 1 → compatible material;
• θing : compatibility between component and the machine working volume
• αgmt: weight associated with geometric KPIs;
• αcst: weight associated with cost KPIs;
• αtmp: weight associated with time KPIs;
• PRE: technology precision;
• RIS: technology resolution;
• RGS: technology roughness;
• STQ: undercuts management;
• CST: production cost;
• TMP: production time;
• CSTmax: maximum CST value calculated among all available machines;
• TMPmax: maximum TMP value calculated among all available machines.
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Abstract: Additive manufacturing (AM), particularly electron beam melting (EBM), is becoming
increasingly common in the medical industry because of its remarkable benefits. The application
of personalized titanium alloy implants produced using EBM has received considerable attention
in recent times due to their simplicity and efficacy. However, these tailored implants are not cost-
effective, placing a tremendous strain on the patient. The use of additional materials as support
during the manufacturing process is one of the key causes of its high cost. A lot of research has
been done to lessen the use of supports through various types of support designs. There is indeed a
noticeable paucity of studies in the literature that have examined customized implants produced
without or minimal supports. This research, therefore, reports on the investigation of cranial implants
fabricated with and without supports. The two personalized implants are evaluated in terms of
their cost, fabrication time, and accuracy. The study showed impressive results for cranial implants
manufactured without supports that cost 39% less than the implants with supports. Similarly, the
implant’s (without supports) build time was 18% less than its equivalent with supports. The two
implants also demonstrated similar fitting accuracy with 0.2613 mm error in the instance of implant
built without supports and 0.2544 mm for the implant with supports. The results indicate that cranial
implants can be produced without EBM supports, which can minimize both production time and
cost substantially. However, the manufacture of other complex implants without supports needs
further study. The future study also requires a detailed review of the mechanical and structural
characteristics of cranial implants built without supports.

Keywords: electron beam melting; customized implant; cost analysis; fitting accuracy; cranial recon-
struction

1. Introduction

Craniofacial skeleton injuries that are often induced from tumor, trauma, and external
neurosurgical decompression mandate appropriate restoration measures. The purpose
of cranial restoration is to provide cerebral protection, preserve esthetics, and relieve
neurological symptoms [1]. The performance of cranial or any reconstruction implant relies
on the defect’s preoperative assessment, the design of the implant, manufacturing approach,
and eventually the surgeon’s skills and execution. Earlier studies in cranial reconstruction
addressed the utilization of computer-aided cranial implant design, although without
the usage of medical modeling software and state-of-the-art Additive Manufacturing
(AM) technology, resulting in a great deal of manual activities [2,3]. Injection molding [4],
extrusion [5], and casting [6] are among the conventional techniques for the fabrication
of cranial reconstruction, but they are time-consuming as well as expensive in terms of
accuracy and precision.

With the advent of AM techniques in the medical sector and surgical performance
over the last decade, greater focus has been given to the manufacture of personalized
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implants. AM allows direct digital manufacturing of patient-specific models with high
precision and productivity in surgical preparation for different biomedical applications.
AM also known as three-dimensional (3D) printing, is a processing technique capable of
manufacturing complex 3D components by incorporating material layers, beginning with
a digital computer-aided design (CAD) model [7]. Metals, polymers, ceramics, composites,
and various other materials can be processed using AM technologies. Amongst several
metallic biomaterials used in AM, including stainless steel, cobalt-chromium, and titanium
alloys. Ti6Al4V ELI (extra-low interstitial) offers enhanced corrosion resistance, high
specific strength and young’s modulus closer to the bone. Ti6AL4V ELI has a range of
advantages over pure titanium (commercial titanium), including greater strength and
resistance to fatigue [8]. In addition, Ti6Al4V ELI though being a paramagnetic metal,
its magnetic susceptibilities is much lower than that of other biocompatible metals, thus
decreasing the influence of magnetic resonance imaging (MRI) and avoiding the hindrance
in the diagnosis under MRI.

The integration of clinical imaging, CAD software, and AM has contributed to sub-
stantial improvements in surgical and biomedical applications. Electron beam melting
(EBM) technology is the primary option for the manufacture of titanium surgical implants
among the many AM technologies. EBM has been approved by the FDA (Food and Drug
Administration) and Conformité Européene (CE) for the manufacture of medical implants
in America and Europe [9,10]. EBM produced Ti6Al4V ELI implants exhibits promising re-
sults in the fabrication of mandible, hip, orthopedic and cranial implants clinically [11–14].
EBM produces completely dense metallic components, touching 99.9 percent, compared to
other metallic AM technologies, which is excellent for biomedical implants [15].

However, the build parts need additional structures (supports) during the EBM
fabrication process to assist the overhang surfaces, decrease the geometric distortion and
to minimize the warping effect. The sintered powder covering the building component
can also act as support structures, thus reducing the cost and time during the construction
process. The usage of support structures is appropriate only if the optimum orientation is
unable to support the overhang surfaces.

The utilization of support structures in overhang surfaces created using EBM technol-
ogy was examined by Cheng and Chou [16]. Research suggests that supports increases
heat flow and restores thermal behavior as well as decrease overhang deformation [17].
They also serve as the heat dissipaters in high-temperature builds, as in the case of metal
based AM [18]. Support structures serve as anchors, assisting in the protection of the part’s
shape from delamination or deformation during the building process. The anchors are
scrapped once the construction is completed. A very thin layer (40–60 μm) is melted or
sintered by an electron or a laser beam in the powder bed fusion process according to the
specified geometry. During the solidification process, considerable thermal gradients and
internal stresses are produced, which contributes to distortions and delamination [19]. As
a consequence, temporary support material that serves as an anchor dissipates the heat
and provides structural resistance to distortions and sagging. The use of support structures
in the powder bed fusion process has a number of advantages, but it also has a number of
shortcomings [20]. Support removal is usually more difficult in metal-based AM than in
the case of polymer-based AM. As of now, there is no established automated procedure to
remove the anchors, and are usually detached by the manual procedure. The requirement
to produce and then eliminate the attachments leads to a substantial increase in material
consumption, costs, energy usage, and total production time.

The existence of support structures certainly presents serious challenges in addition to
increasing production time, unnecessary material use, post-processing time in the removal
of supports, as well as the danger and challenges of separating the supports without
compromising the building portion [21–23]. The presence of support structures has many
downsides. After fabrication, the removal of support structures also involves a considerable
amount of manual labor. The support structures result in additional expense and time in
the milling, cutting, and grinding of the supports [24]. In addition, various types of support
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generate different surface roughness, requiring post-processing. The support structures
are of no use once built, because they cannot be recycled when removed and lead to waste
materials, thus generating higher material costs [25]. Supports also incur additional energy
costs and time of production as well as they are often difficult to remove, particularly
for smaller, complicated, and complex geometries [26]. Another problem with support
structures is that they are less ideal and inactive relative to usable components. Parts with
support structures also influence the surface finish of the build, leaving a mark on the
surface after removal [27].

Preferably, the sintered powder serves as a support in the powder bed fusion process,
thereby discarding the use of external supports, but depending on the geometry, it is often
not enough to support the melted component. By default, the 3D printing software designs
the supports in most of the overhang areas. Therefore, reducing the use of unnecessary
support structures in overhang sections is extremely necessary. In polymer-based 3D
printing, several methods has been used to eliminate them, such as water solvable supports,
simple breakaway supports, but in the case of 3D metal printing, it presents a major
conundrum [16]. Instead of a continuous mode, Jhabvala et al. [28] reported a revolutionary
pulse laser method for the manufacture of support structures and stated that the fabricated
supports had similar mechanical properties and were much easier to remove. Similarly,
several researchers have studied cellular lattice structures with different support unit
cells and investigated their effects on their geometric properties [29,30]. The removal of
supports through a feasible orientation in lightweight builds had also been suggested
by few researchers [31,32]. Similarly, an experimental analysis involving optimal self-
supporting structures for overhang surfaces was proposed by Calignano [33]. It is of
significant relevance, based on literature research, to further study and minimizes the use
of support structures in AM wherever applicable. It is evident that a considerable amount
of work has been conducted to minimize the use of supports especially by employing
different kinds of support designs. Nevertheless, there is a notable lack of literature studies
investigating personalized implant build without or limited supports. Consequently, this
study focuses on the examination and comparison of cranial implants produced with and
without supports. The two personalized implants are evaluated in terms of their cost,
fabrication time, and accuracy. The fitting accuracy is assessed to ensure that there is no
major deformation in the implant manufactured in the absence of the supports. This is one
of the few works in the scientific literature, to the author’s knowledge, on the workflow for
implant fitting accuracy study and manufacturing of metallic AM cranial implants without
supports.

2. Methodology

The methodology adopted in this study as shown in Figure 1, consists of four major
steps: (1) The creation of an artificial defect in the clean skull, (2) the design of a personalized
cranial implant, (3) the manufacture of implants with and without supports, and (4) the
evaluation of the implants manufactured.

2.1. Creation of Artificial Defect

A clean skull model (Figure 2a) is imported into Materialise Mimics 18.0 (Materialise,
NV, Leuven, Belgium) in this study and an unnatural defect with a tumor presumption
is produced in the left skull region. Rather than the actual defect, the artificial defect is
used to prevent the hassle of obtaining permission from the patient to use their data in the
publication. Moreover, as a result of artificial defect, a reference model in the form of a
clean skull is available for accuracy assessment. The cutting operation is conducted to split
the clean skull (Figure 2a) into two halves (Figure 2b,c), and a region is marked on the left
side of the skull to ascertain the tumor outline (Figure 2d). Finally, a void (Figure 2e,f) is
generated on the left side of the skull that mimic the defective or affected region.
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Figure 1. Process flow of adopted methodology.

Figure 2. Workflow for the reconstruction of customized cranial implant.

2.2. Design of Customized Implant

The mirroring operation is performed based on the healthy right side of skull region.
For this purpose, the entire left affected region across the symmetric plane is removed as
depicted in Figure 2g. Subsequently, the mirroring operation is implemented to imitate the
right healthier side on the left side of the skull (Figure 2h,i). Then, the Boolean subtraction
operation is performed on the mirror and tumor assumed model in order to get the implant
template (Figure 2j,k). The outer region of the implant template is marked to get the implant
outline pattern (Figure 2l). An offset thickness of 1mm is provided on the pattern to create
the final implant design (Figure 2m). Finally, the implant design is evaluated through a
virtual fitting on the polymer model (Figure 2n) and fixing plates are designed onto the
outer ends of the implant to attain implant stability and implant–bone fixing (Figure 2o).
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2.3. Fabrication

Upon successful virtual fitting and rehearsal operation, the customized cranial implant
and the skull are manufactured using AM technologies. The skull (Figure 3b) is fabricated
using Acryl butadiene Styrene (ABS) material in Zortrax M200 Layer plastic deposition
printer (Zortrax, Olsztyn, Poland) (Figure 3a).

Figure 3. (a) Zortrax additive manufacturing (AM) machine with the fabricated (b) polymer skull.

To generate the support structures, the customized cranial implant design is imported
into Magics software (Materialise, NV, Leuven, Belgium). By default, based on the geometry,
the software itself generate self-supporting structures onto the overhang parts to prevent
deformation and to increase the heat dissipation as shown in the Figure 4.

Figure 4. Virtual simulation of customized cranial implant with default block support structures.

For the fabrication of customized titanium cranial implant one with supports and
one without supports, the sliced standard tessellation language (STL) file is loaded into
ARCAM EBM following the same orientation. The schematic diagram as illustrated in
Figure 5 demonstrates the fabrication process. The metal powder (Ti6Al4V ELI) is loaded
and a vacuum is created inside the close build chamber to ensure a clean and controlled
environment. The EBM powder layering system equally distributes the powder over the
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powder bed using rake. A powerful 6 KW of high energy electron beam heats and melts
the powder bed as per the geometry of the cranial implant. The focus and deflection coils
guide the electron beam onto the path for part accuracy. Throughout the build process,
the build temperature is kept high at approximately 1000 ◦C, thus resulting in avoiding
residual stresses. After completion of each layer, a new layer of fresh powder is raked over
the previous build layer, this process is repeated until the final build is obtained.

Figure 5. ARCAM’s electron beam melting (EBM) machine with schematic diagram illustrating the fabrication process.

Two customized cranial implants are fabricated using EBM, one with default support
structures (Figure 6d–f) and other without supports (Figure 6a–c). Upon completion of
final build, the parts are moved to Powder recovery system (PRS) for the removal of semi-
sintered and excess powder attached to the build part. The blasted powder is filtered using
sewing machines and recycled for the next job.

The time taken to remove the semi-sintered powder from the implant without support
is approximately 5 min, whereas it is around 10 min for the implant with supports. This
may be due to the presence of semi-sintered powder around the supports, which is difficult
to blast. The blasted implant (with supports) is then subjected to post processing where
the support structures are manually removed using pliers as shown in Figure 7a. Even
after supports removal, support protrusions could still be noticed on the cranial implant as
illustrated in Figure 7b,c. The time taken to remove the supports, including the cleaning of
surface protrusion using sandpaper, is almost 100 to 110 min. The post-processed cranial
implant is fixed onto the polymer skull model for fitting evaluation as demonstrated in
Figure 7d.

Finally, the cost analysis and fitting evaluation of the two implants are carried out to
investigate the implications of support structures.
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Figure 6. The EBM produced customized cranial implant without supports (a–c) and implant with support structures (d–f).

Figure 7. (a) Removal of support structures using pliers, (b,c) illustration of protrusion onto the
surface of the cranial implant after the removal of supports, and (d) implant fitted onto the polymer
skull model.

2.4. Evaluation

The scanning electron microscopy (SEM) analysis is conducted in order to study the
powder size morphology. Figure 8 shows the SEM images of Ti-6Al-4V powder: (a) Low
magnification showing the population of particle sizes and (b) high magnification is of an
individual powder. This analysis confirms that the formation of the powder particles is
primarily spherical in shape with slight variation in the geometry.

197



Metals 2021, 11, 496

Figure 8. (a) SEM image of Ti-6Al-4V powder particles of different sizes and (b) an individual
particle.

A fine powder particle of 50–100 μm is used in the EBM process. The EBM build
platform and its sintering kinetics between the powder particles are influenced by the
size and shape of the powder. Thus, a laser diffraction analysis as shown in Figure 9 is
performed to measure and confirm the geometrical dimension of the feedstock powder.

Figure 9. Laser diffraction technique used to study the powder size distribution.

The chemical composition of Ti6Al4V ELI as revealed in Figure 10 is 6.04% Aluminum
(Al), 4.05% Vanadium (V), 0.013% Carbon (C), 0.0107% Iron (Fe), and 0.13% Oxygen (O),
with the remaining constituent as Titanium (Ti) in weight percent. Based on the results, the
chemical composition of the EBM build part of Ti6Al4V ELI material do not diverge much
from the initial powder feedstock.

2.4.1. Implant Cost and Time Analysis

Reliable cost estimation of AM parts is of utmost importance, especially in the medical
industry because of the high investment costs related to the product development phases.
Moreover, the wrong estimates result in expensive consequences and may result in the
production loss. Previous researchers have investigated and developed numerous models
for the calculation of AM cost. For example, Ruffo et al. [34] performed a comprehensive
cost model study of direct and indirect cost for AM, in which material related cost was
considered as a direct cost and the fabrication cost, machine and administration cost were
counted as an indirect cost. Similarly, Hopkins and Dickens [35] proposed a comparative
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cost analysis study of three AM processes involving Stereolithography, fused deposition
modeling and laser sintering with injection molding. Syam et al. [36] also performed
the EBM cost analysis and proved that EBM cost was significantly dependent on the
number of units produced in a single fabrication cycle when compared to traditional
manufacturing. Lindermann et al. [37] in his study developed a methodology that helped
to better understand and analyze the largest cost drivers in the fabrication of metal AM
products. Baumers et al. [38] also performed a comparative metal AM study of EBM and
selective laser melting based on their cost performance. It is quiet noticeable that previous
research done in the AM cost model, mainly focused on the cost structure of the AM
product and few on the comparative studies with conventional machining, but there is
hardly any study that has considered AM support structures.

Figure 10. Chemical composition of Ti6Al4V powder used in the implant fabrication.

Henceforth, an inclusive cost and time model developed by Priarone et al. [39] is
adopted in this study to investigate the economics of EBM fabricated cranial implants (with
supports and without supports). The main driving factors considered in this study are the
material consumption, build time and the total cost involved in building the implants. The
implemented cost model to estimate the building cost (CBuild) involves the material cost as
well as the energy consumption cost as presented in Equation (1). As shown in Equation
(2), the material cost is made up of the price and the consumption of material for each
build whereas the energy consumption cost is associated with the cost of running the EBM
machine while fabricating cranial implant. Other cost factors such as EBM ownership cost
and EBM maintenance cost are not considered, as they remain constant for both cranial
implants with and without supports.

CBuild = Material cost + Energy consumption cost (1)

CBuild = [(MConsumption × CRaw) + (TFabrication × EBuild × PEnergy)] (2)

where,
TFabrication: EBM implant fabrication time.
MConsumption: Material consumption for the cranial implant in grams.
CRaw: Cost of the raw material (Ti6Al4V ELI) measured in $/gram.
EBuild: Energy consumption for the fabrication of cranial implant.
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PEnergy: Price of energy consumption (Electricity cost for EBM process), measured in
$/KWh.
BHours: Build time for the fabrication of cranial implant measured in hh:mm and simplified
to hours for multiplication.
PPTime: Time taken for post-processing the cranial implant in hh:mm and simplified to
hours for multiplication.

TAnalysis = [ TFabrication + PPTime ] (3)

Time Analysis (TAnalysis) for the fabrication of cranial implant with and without sup-
ports includes the time taken to build the cranial implant as well as the post-processing time
as explained in Equation (3). The post processing time involves the time taken to remove
the semi-sintered powder attached to the implant after build and the removal of supports.
Moreover, the weights (in grams) required for the cost model are obtained through the
weighing scale (Ohaus Corporation, Parsippany, NJ, USA) as shown in Figure 11.

Figure 11. Weighing scale reading of cranial implants (a) with supports and (b) without supports.

2.4.2. Accuracy Analysis

The two cranial implants which include the implant manufactured without supports
and the implant produced with supports are also inspected for precise fitting. The accuracy
assessment is carried out to estimate the gap between the implant and the skull as well as
to gauge the consistency of the aesthetics and the external profile of the revived cranium.

In the application of AM technology, model accuracy has a significant impact on
surgical planning [40]. Higher accuracy in implant fitting is very important from a medical
standpoint, particularly in large cranial defects. Elkatatny and Eldabaa [41] reported
that a large proportion of their tumor patients or post-traumatic patients with minor
mutilating defects required surgery to improve their aesthetics or cosmetic appearance
in addition to providing cerebral protection. If the implant is correctly fitted on the skull,
it will have a pleasant cosmetic appearance and the patient will not need to undergo
re-surgery. According to Hohne et al. [42], good biocompatibility, adequate defect closure
with the precise fitting of the implant reconstruction to the osseous rims, and particularly
a pleasing cosmetic outcome are all important elements in cranioplasty. The patient is
exposed to all of the risks associated with the repeated surgical operation, including
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those associated with anesthesia [43]. An accurately fabricated implant, according to Toth
et al. [44], fits into the defect properly and reduces the likelihood of subsequent movement,
dislodgement, and extrusion. Numerous instances of titanium cranioplasty were examined,
and it was discovered that the majority of the ill-fitting or aesthetically poor implants
resulted in increased intraoperative time and asymmetrical reconstruction [45–47]. The
implant possessing an exact match to the patient’s cranial defect leads to a very symmetric
skull profile and the implant lies passively on the body surface all around the defect. By
ensuring a precise fit of the AM-produced implant, Maravelakis et al. [48] reduced roughly
30% of the overall operation time, thus minimizing intraoperative manipulations to achieve
implant fixation.

Figure 12 illustrates the procedure employed to compute the 3D deviation. In this
analysis, the defect or tumor is purposely produced in the normal skull and then the
healthier right half is replicated on the left faulty portion. The unreal defect is incorporated
so that we have the patient’s real skull as a guide for comparison thereafter. In the case of
the genuine defect, it is not feasible to get a patient’s scan (and hence the actual reference)
when he/she was healthy. The mirrored model is therefore treated as the reference model
in most instances [49]. The utilization of the mirrored model as a reference is not a very
reliable approach as it does not incorporate the mirroring bias. In this work, the defect
is therefore assumed in the healthier patient to accurately measure the possible error
produced in the customized implants. First, the mirrored model is evaluated with the
healthy skull of the patient and the overall variance (in the outer direction) is measured.
This characterizes the error of mirroring. Next the mirrored model is assessed relative to
the virtual cranial implant (because the mirrored model is used as a template to create
the implant). This measures the design error of the virtual implant. Finally, the fabricated
implants (with and without supports) are examined relative to virtual implants. This gives
us the fabrication error. The overall difference in the produced implants can therefore be
determined by summing up mirroring, design and manufacturing errors, as shown in
Figure 12. In this analysis, d2 symbolizes the manufacturing error of the cranial implant
with support, while d2′ denotes the fabrication error of the cranial implant without support.
The d3 is the cumulative error (or the fitting accuracy) of the cranial implant with supports
and the d4 implies the total error of the implant without supports.

Figure 12. Process flow to assess the accuracy of the cranial implant fitting.
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As shown in Figure 13, the outer surfaces of the fabricated implants are digitized
using a laser line scanner mounted on the FARO platinum arm (FARO, Lake Mary, FL,
USA). The FARO arm (with laser scanner) is preferred due to its availability, a reasonable
precision of 20 μm and the ability to acquire a large number of points in short time.

Figure 13. Set up to capture point cloud data for the fabricated models.

The 3D data captured by the FARO scanner is a point cloud that is transformed into
triangulation model and then saved in STL after post-processing, using a reverse engineer-
ing program (Geomagics Studio 2014, 3D System, Valencia, CA, USA). The “Alignment”
feature of the 3D evaluation software (Geomagics Control 2014, 3D System, Valencia, CA,
USA) is used with each implant model to superimpose the two datasets (test and reference).
In this study, the acquired dataset (of the fabricated implants) is specified as the test model,
while the reference is assigned to the virtual (or designed) implant. In Geomagics Control
software, the “deviation analysis” algorithm is implemented to conduct a 3D comparison
between the reference and test models. To demonstrate the variations in the test models,
a graphic of color scales is generated. The results are determined on the basis of almost
100,000 points on the 3D scanned model. The “average error” between each pair, described
as the average of all the distances between the closest point pairs on the reference and the
test model, is estimated. The closest point pairs are searched and matched automatically
by the software algorithm.

3. Results and Discussion

The cost and time analysis results are illustrated in Tables 1 and 2 respectively. Figure 14a
indicates, that the material consumption decreases significantly by 47% from 125.92 g to
66.75 g in the case of the implant without supports. Thus, the material consumed in the
manufacture of cranial implants with supports is almost double that of the cranial implant
without supports. The higher material consumption in turn raises the final cost of the
cranial implant with support in comparison to the implant without supports. The cranial
implant without supports costs roughly $21 in comparison to $34 for the implant with
supports, thereby resulting in a 39% reduction in overall cost (Figure 14b).
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Table 1. Cost estimation for the EBM build cranial implants.

Influencing Factors Description Values Estimation

Material consumption (grams)
MConsumption

Weight of implant with
supports 114.47 g

Weight of Implant without
supports 60.69 g

Material wastage including
support structures [50] 10% of built mass

Mconsumption (Material
consumed for cranial implant

with supports)
125.91 g

Total mass of EBM built implant =
(Implant mass + 10% material

wastage of built mass) =
114.47 + 11.44

Mconsumption (Material
consumed for cranial implant

without supports)
66.75 g 60.69 + 6.06

Material cost (per gram) CRaw (Ti6Al4V ELI cost price) $0.22/g =$220/kg

(Mconsumption × CRaw) Supports Implant with supports $27.70 (125.91 g × $0.22/g)

((Mconsumption × CRaw) Without
supports Implant without supports $14.68 (66.75 g × $0.22/g)

TFabrication (cranial implants
with supports)

Time to obtain desired
vacuum level 0:3 hh:mm

Time to heat start plate 0:45 hh:mm

EBM cool down time 4:00 hh:mm

Build time for cranial implant
with supports 5:39 hh:mm

TFabrication
Time for completion of cranial

build with supports
10.9 h

Time for desired vacuum level +
heating start plate + EBM cool
down time + part build time

(0:30 + 0:45 + 4:00 + 5:39) = 10:54
hh:mm = 10.9 h

TFabrication (cranial implants
without supports)

Build time for cranial implant
without supports 5.11 hh:mm

TFabrication
Time for completion of cranial

build without supports
10.43 h

Time for desired vacuum level +
heating start plate + EBM cool
down time + part build time

(0:30 + 0:45 + 4:00 + 5:11) = 10:26
hh:mm = 10.43 h

TFabrication (with supports) Implant with support 10.90 h

TFabrication (without supports) Implant without support 10.43 h

EBM energy consumption (KW)
for Implant fabrication

EBuild

EBM Power supply 7 KW [51]

EBM Electricity cost (Per hour)
PEnergy

PEnergy (EBM energy
consumption cost) $0.085/KWh

Electricity tariff = SAR
0.32/KWh(https://www.se.com.

sa/en-us/customers/Pages/
TariffRates.aspx (accessed on 18

August 2020))
Conversion of SAR to $ =

$0.085/KWh

203



Metals 2021, 11, 496

Table 1. Cont.

Influencing Factors Description Values Estimation

EBuild × TFabrication (with
supports) × PEnergy

Cranial implant with supports $6.48

=(EBM power consumption x
EBM build time for cranial

implant with supports x EBM
energy consumption cost) = 7 KW
× 10.9 hours’ × $0.085/KWh

EBuild × T
Fabrication

(without supports) × PEnergy

Cranial implant without
supports $6.20 =7 KW × 10.43 h × $0.085/KWh

Total Cost for building implant
Implant with supports $34.18

(material cost + Energy
consumption cost) =

$27.70 + $6.48

Implant without support $20.88 =$14.68 + $6.20

Percentage Difference in cost 39% =(13.3/34.18) × 100

Table 2. Time analysis for fabrication of cranial implant with and without supports.

Factors Description Values Estimation

Build Time (Hours)

BHours (Build Hours for
Cranial Implant with

Supports)
10:54 hh:mm

Time Taken for the Fabrication of
Cranial Implant with Supports- (0:3 +

0:45 + 4:00 + 5:39) = 10:54 hh:mm

BHours (Build Hours for
Cranial Implant without

Supports)
10:26 hh:mm =(0:3 + 0:45 + 4:00 + 5:11)

=10:26 hh:mm

EBM Post-Processing Time
(Hours)
PPTime

Post processing time for
implant with supports 1:55 hh:mm

Post processing time includes the
removal of supports + removal of

semi-centered powder
(1:45 + 0:10) hh:mm

Post processing time for
implant without supports 0:05 hh:mm Removal of semi-centered powder.

Total Build time for Cranial
implant

Total build time for cranial
implant with support after

post-processing
12:49 hh:mm

Total Build time = (fabrication time +
post-processing time)
(10:54 + 1:55) hh:mm

=12:49 hh:mm = 12.81 h

Total build time for cranial
implant without support after

post-processing
10:31 hh:mm (10:26 + 0:05) hh:mm

Percentage difference in build
time 18%

=(12:49–10:31)
=2:18 hh:mm (2.30 h)
=(2.30/12.81) × 100

As indicated in Table 2, the cranial implant with support structures take approximately
10 min for sandblasting the semi-sintered powder and 1 h 45 min for the support’s removal.
Removing support structures is a tedious and time-consuming process and additional
precautions should be taken to prevent implant damage. The time taken for post-processing
of unsupported cranial implant is just 5 min, which is the removal of semi-sintered powder.
The difference in time between the implant with and without supports in the removal of
semi-sintered powder is primarily due to the extra time required to remove the concealed
powder within the supports. The building time for implants without supports is 18%
shorter than for implants with supports (Figure 14c).
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Figure 14. Comparative analysis of cranial implants with and without supports (a) material consumption; (b) total cost; and
(c) total build time.

It is apparent from the cost and time analysis that, if the support structures are not
used, a considerable amount of time and cost could be saved. The user often implements
support mechanisms due to normal protocol, or default settings. Certainly, there is always
the likelihood that some sections can be constructed effectively in EBM without the sup-
ports. The current investigation, for instance, has demonstrated that the cranial implant is
successfully built without support structures. Significant costs, time, and effort needed to
withdraw supports (during post-processing) are saved. There are, however, many com-
ponents that cannot be fabricated without supports, either because of their complexity,
size, or shape. In these cases, users must at least try to reduce support by defining the
critical support locations or through applying various types of support design. There is
always a risk that due to the lack of support, the fitting accuracy of the implant could be
compromised. Henceforth, a detailed fitting accuracy analysis for the two implants is also
carried out in this investigation.

Table 3 presents the findings of 3D deviation analysis (d0, d1, d2, d2’, d3, and d4) in
terms of average deviations. The visual deviation is also shown in Figure 15, including a
color-coded map to display the variations between each test model and the reference. It is
noted that the greener the color, the nearer the reference model is to it.

Table 3. Outcome of 3D deviation analysis.

Models Combination Notations Deviation (mm)

Original (Reference) and Mirroring (Test) d0 0.1458

Mirroring (Reference) and Virtual Implant (Test) d1 0.0182

Virtual Implant (Reference) and Fabricated
Implant with Supports (Test)

d2 0.0904

d3 0.2544

Virtual Implant (Reference) and Fabricated
Implant without Supports (Test)

d2′ 0.0973

d4 0.2613
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Figure 15. Graphical display of 3D deviation analysis.

The specimens display similar variations from the reference, according to Figure 15,
and the implant with support presents a slightly better result, with a lower variance from
the reference. The divergence is, however, negligible between implants with support and
without support. This is a difference of less than 3%, which is quite marginal. The average
cumulative implant error (without support) with respect to the original skull of the patient
is 0.2613 mm, whereas that with support is 0.2544 mm.

4. Conclusions

This has been a recognized fact that conventional cranial reconstruction techniques
are ineffective because they cannot handle customization effectively. Therefore, the EBM is
progressively being employed in the domain of implant reconstruction due to its efficacy
and performance. Nevertheless, the manufacture of EBM entails higher costs and greater
production time, which makes it expensive for the general populace. It can be stated
from the cost analysis that the material cost and the machine running cost are the one
that contributes substantially to the total implant cost. It has also been noted that a
larger amount of material used as supports results in higher production time, making the
manufacture of implants using EBM very costly. In addition, the EBM produced implant
without supports must be examined for fitting accuracy to preserve the outer appearance
and attain the desired aesthetics. The cost analysis illustrates significant improvements
for non-support cranial implants as they cost 39% less than the implant with supports.
Likewise, the implant’s production time (without support) is found to be 18% shorter than
its equivalent implant with supports. The two implants also display similar fitting accuracy
with 0.2613 mm error in the instance of implant fabricated without supports and 0.2544 mm
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for the implant with supports. The study thus found that the cranial implants can be
manufactured without EBM supports, which can dramatically reduce both manufacturing
time and cost expenses. However, more study is needed to produce other complex implants
in the absence of supports. The future research also aims to include a thorough examination
of the mechanical and structural aspects of cranial implants without supports.
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Abstract: Gas Metal Arc Welding (GMAW) is a manufacturing technology included within the differ-
ent Wire Arc Additive Manufacturing alternatives. These technologies have been generating great
attention among scientists in recent decades. Its main qualities that make it highly productive with
a large use of material with relatively inexpensive machine solutions make it a very advantageous
technology. This paper covers the application of this technology for the manufacture of thin-walled
parts. A finite element model is presented for estimating the deformations in this type of parts.
This paper presents a simulation model that predicts temperatures with less than 5% error and
deformations of the final part that, although quantitatively has errors of 20%, qualitatively allows
to know the deformation modes of the part. Knowing the part areas subject to greater deformation
may allow the future adaptation of deposition strategies or redesigns for their adaptation. These
models are very useful both at a scientific and industrial level since when we find ourselves with a
technology oriented to Near Net Shape (NNS) manufacturing where deformations are critical for
obtaining the final part in a quality regime.

Keywords: thin wall manufacturing; additive manufacturing; process modelling

1. Introduction

Additive Manufacturing (AM) is an emerging and promising field that is gaining
increasing research attention and its applications in different industrial sectors are spread-
ing day by day. Wire Arc Additive Manufacturing (WAAM) is a type of AM technique
classified into Directed Energy Deposition (DED) technologies, where a metal wire acts
as material feedstock and is melted by a heat source [1]. According to the nature of heat
source, there are three types of WAAM technologies: Gas Metal Arc Welding (GMAW)-
based WAAM, Gas Tungsten Arc Welding (GTAW)-based WAAM and Plasma Arc Welding
(PAW)-based WAAM, each of them with different features and advantages [2,3].

It is inaccurate to see WAAM as opposed to traditional subtractive manufacturing
technologies, but as complementary to them, since WAAM is still far from achieving
final parts without dimensional inaccuracies and good surface quality. Because of this
issue, subtractive manufacturing, like machining, is nowadays the usual finishing step
for parts coming from WAAM. Therefore, WAAM should meet Near Net Shape (NNS)
manufacturing paradigm, thus reducing machining operations aiming to save material,
energy and time. In order to achieve this, distortions and residual stresses should be
predicted and minimized to the extent possible, since they are two of the main problems of
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WAAM that mostly affect subsequent machining and that hinder its deployment [4]. They
are inherent to WAAM, so they can be predicted and reduced, but not suppressed [5].

On the one hand, distortions in parts are caused by thermal cycles of melting and
cooling that happened in layer-by-layer deposition, with their corresponding volumetric
expansion and shrinkage. They are a concerning issue in structures such as thin walls [5].

On the other hand, residual stresses are the mechanical stresses that remain in a
part once their cause (external forces or thermal gradients) disappears and the part is at
equilibrium with its surroundings [6]. Unclamping or machining the part may disrupt this
equilibrium and distort the part [7]. Poor mechanical properties and cracking may also
appear [5]. There are different kind of residual stresses, and the ones caused in WAAM can
be classified as inherent, bulk residual stresses [8].

Trial and error experiments are the most usual way to gain knowledge of WAAM
processes so as to optimize process and operation parameters [9,10] and reduce distortion
and residual stress, but they are costly and time consuming [3], so modeling and simulation
are key tools to overcome this problem.

Due to the rapid and spatially variable cooling and heating of products manufactured
by AM, they are often deformed and subject to residual stresses. Deformations due to
welding appear to have a negative effect on exterior appearance, dimensional accuracy and
other conditions such as various structural strengths. Finite element modeling (FEM) can be
used to analyze deformation issues such as distortion and temperature field, allowing for
more advanced planning early in the WAAM planning process to avoid expensive rework.

Srivastava et al. [11] describes in detail the features such models present. Most of them
are based on previous welding models, precedent of current WAAM. To date, these models
are mesh-based numeric models, both 2D and 3D Finite Element (FE) models. There are
not analytical models yet. Likewise, Rodrigues et al. [3] only mentions FE analysis to avoid
trial and error experiments.

As the mechanical properties of the part coming from WAAM have thermal origin,
the modeling should include thermal modeling and mechanical modeling. The interaction
between two models can be coupled or weakly coupled [11]. Coupled models simultane-
ously carry out both analyses, as the distortion induced heat affects thermal properties,
whereas weakly coupled ones are performed sequentially, because they consider that the
energy input from the heat source is much higher than the heat induced by distortion,
so they neglect the latter [4]. Temperature history of the part is the main result from the
thermal modelling, and it is an input for the mechanical modelling, which has distortions
and residual stress fields as results [11].

Ding et al. [12] compared two thermo-mechanical weakly coupled 3D FE models
for WAAM: a steady state model with Eulerian reference frame, and a transient model
with Lagrangian reference frame. The “element birth technique” is used to simulate the
addition of material. The software employed was ABAQUS, (Dassault Systèmes, Vélizy-
Villacoublay, Ile-De-France, France) and the material was mild steel. The main outputs
were the temperature, distortion and residual stress distributions. It was validated for a
thin wall. In a more recent work, Ding et al. [13] developed a weakly coupled transient
thermo-mechanical 3D FE model, optimizing it to save computational time, based on
the finding that the maximum temperature a point reaches during the WAAM process
determines the residual stress of that point.

Zhao et al. [14] simulated a thin wall manufactured by GMAW, by means of a coupled
thermo-mechanical 3D FE model. It concluded that the deposition direction, especially on
the deposition of the last layer, is a very influencing factor in the residual stress field of the
whole component. The employed software was MSC Marc, and the deposited material
was H08Mn2Si.

Cadiou et al. [15] developed a transient 2D axysimetric numerical model for PAW.
In addition to thermal and mechanical laws, it also considered electromagnetic forces. It
focused on droplet generation, deposition and dynamics in the melt pool, taking into ac-
count only operating parameters and basing on level-set method by Osher and Sethian [16]
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to distinguish between gas and metal areas and define their properties. The software
employed was COMSOL Multiphysics® and the material was 304 stainless steel. The main
outputs were the evolution of the melt pool, and the height and the weight of the rod, as
well as its temperature. It was validated for the first deposited two rods.

Oyama et al. [17] compared residual stresses, distortion and manufacturing duration
for different deposition and heating strategies in WAAM, using 3D FE simulation. Simufact
welding software was employed, and the materials were Al-5Mg and Al-3Si aluminum
alloys. It was validated for a complete thin wall.

As it has been shown, the great majority of numeric models have been validated
for thin walls, but FEM has not been successfully applied to a complex part of reduced
thickness yet. Therefore, broadly, it can be concluded that there is still a gap regarding the
prediction of the complete real geometry of final complex parts by means of modelling and
simulation. This gap is a concerning issue, since most of the real industrial parts are com-
plex, and they present a combination of different geometries as curve and plane surfaces.
Therefore, in order to allow the complete industrial deployment of parts manufactured
by WAAM, to determine if FEM analysis is suitable for predicting their temperature and
distortion profiles is a key step.

Consequently, in this research, a method development on predicting both the temper-
ature each layer reaches and the deformed state of WAAM will be investigated by utilizing
FEM analysis in a form of multi-layered process. The manufactured part is a geometrically
complex mold of ER70S-6 steel.

This steel is usually used in applications such as construction works, automotive
industry, pipes, shafts and tanks, so it is an industrially relevant material. Up to now,
researchers are mainly focused on selecting optimal operation parameters regarding me-
chanical properties and microstructure, by means of experimental tests [18,19], but there is
not yet an FE analysis of a complex part, aiming to predict final distortion.

Additionally, Dttmann et al. [20] studied the machining of a part of this material
manufactured by GMAW, so a tool as FEM, which can predict distortion and temperatures
prior to this machining operation, is highly valuable.

The good agreement between the results obtained from FEM simulation and a method-
ology for the prediction of temperatures during the process and deformations in the final
part has been validated with the measurement of the part using a laser tacker (FARO
Technologies Inc., Lake Mary, FL, USA).

2. Materials and Methods

2.1. Set-Up for the Wire Arc Additive Manufacturing of the Part

This document details the manufacturing process of an ER70 steel mold using WAAM
technology based on GMAW. Figure 1 shows the CAD design of the mold to be manu-
factured. Both the design of the mold and the materials, equipment, methodology and
parameters used are determined. In addition, the problems encountered during manufac-
turing and the solution that has been taken for each of them are also shown.

This demonstrator was made of ER70S-6 mild steel, Table 1 showed the composition
of the material according to the provider. This ER70S-6 steel was provided in the form of
commercial wire with a diameter of 1.2 mm, first 3 coils (Praxair, Danbury, CT, USA) and
the last coil (Bohler, Düsseldorf, Germany), and 8 mm flat S235JR steel plates were used as
a substrate.

Table 1. Chemical composition of ER70S-6 steel wire (% of the weight).

Mn Si C Cr Cu Ni S P Mo Ti Zr

1.64 0.94 0.06 0.02 0.02 0.02 0.016 0.013 0.005 0.004 0.002
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Figure 1. Mold design: main dimensions of the part.

A robotic fixed table welding system was used to manufacture this mold, as can be
seen in Figure 2. In this system, the Alpha Q 552 puls (EWM, Mündersbach, Germany)
welding equipment feeds the GMAW welding torch. The torch was placed on a Fanuc Arc
Mate 100-iC (Fanuc, Oshino, Japan) robotic arm to be able to manufacture parts layer by
layer. This set was also equipped with the M drive 4 Rob5 XR RE (EWM, Mündersbach,
Germany) wire feeding equipment and the shielding gas system. The welding torch had
been equipped with a compact Optris pyrometer (Optris GmbH, Berlin, Germany); the
measurement was made on the surface of the bead once deposited with a delay of 10 ms
(estimated based on the travel speed used). The emissivity of the surface was considered
0.9 for an incandescent body made of ER70 steel.

 
Figure 2. Set-up of the robotic system for the manufacture of parts with GMAW-based WAAM
technology.

Taking into account the design of the part, the material was provided continuously
in a single cord. The trajectories were designed using PowerMill (Autodesk, San Rafael,
CA, USA) In this program the layer thickness and the type of path to follow could be
defined and by means of internal algorithms the program calculated the desired paths. In
order to be able to make the continuous deposition on a part of the straight back wall, the
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height of a layer was raised in z. These trajectories, once defined, were post-processed
directly from the PowerMill. Each cell (robot or CNC machine) had its own post-processor,
which allowed the part to be directly placed in the desired position, taking into account the
characteristics of each equipment. In this case, the part was post-processed for the Fanuc
robot post-processor on a fixed to the table as can be seen in Figure 3.

 

Figure 3. Path planning in PowerMill software.

In the present work, modes Cold Arc and Pulsed-GMAW (Job 194 and 9) were mainly
used, which allowed possible wire feed speeds of between 4 and 16 m/min for the used
material. Furthermore, the gas mixture % 20 CO2-% 80 Ar with a flow rate of 18 L/min
was chosen as the shielding gas. Regarding the inclination of the torch with respect to the
substrate, it had worked with angles of 90◦ and a Stick-out of 17 mm. The diameter of the
nozzle used was 20 mm and the parameters chosen were the following:

First, the initial programs were produced with the Cold Arc working mode with
5 m/min wire feed speed and 50 cm/min travel speed. But the number of splashes had
been high, and the nozzle filled quickly so it was decided to change the mode to Pulsed-
GMAW and program 3 is manufactured. Finally, it was decided to increase the travel
speed to 65 cm/min and reduce the layer height to 1.3 mm. Manufacturing conditions are
summarized on Table 2.

Table 2. Parameters used to Wire-Arc Additive Manufacture the mold.

Program
Number

Material
Density

(kg/m3)

Material
Sustrate

Wire
Diameter

(mm)
Mode Job Number

Wire Feed
(m/min)

Deposition
Rate (kg/h)

Stick Out
(mm)

Travel
Speed

(cm/min)

Bead Width
(mm)

Stimated
Height
(mm)

N# 1 ER70S-6 7850 S235JR 1.2 Cold Arc 194 5 2.66 17 50 7.2 1.6

N# 2 ER70S-6 7850 S235JR 1.2 Pulsed-
GMAW 9 5 2.66 17 50 7.2 1.6

N# 3 ER70S-6 7850 S235JR 1.2 Pulsed-
GMAW 9 5 2.66 17 65 7.2 1.3

The manufacture of the piece was therefore carried out with a combination of two
transfer modes. A Cold-Arc transfer mode was used in the first ten passes, then another
ten were made in Pulsed-GMAW at the same traverse speed and ended with the same
conditions in the Pulsed-GMAW mode at higher travel speed. This strategy was considered
adequate since in the first layers the Cold-Arc mode introduced less heat to the substrate,
and it transitioned to a Pulsed-GMAW mode where fewer splashes were produced and
finally the speed was increased to introduce less energy so that it prevented the collapse of
the wall.

From the control of the machine and the welding source, the relevant data of the pro-
cess were extracted that allowed the relevant information to be obtained. This information
gave an overview of both the stability of the process and the energy introduced in the
process for the simulation of the manufacture of the part. These signals were sampled with
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a sample rate of two hertz. The energy was calculated as the product of the intensity (I) by
the voltage (V) and the travel speed (TS), expressed in units [kJ/cm].

Energy
[

kJ
cm

]
=

I × V
TS

(1)

Figure 4 shows the volumetric representation of the energy calculated following
Equation (1). Analyzing the energy results, it was observed that the measured values of the
machine control were not constant. This value depended both on the stick-out, the distance
the wire goes out from the nozzle to the upper surface of the part and on fluctuations
in travel speed, this type of energy behavior was already reported previously by Wang
et al. [21].

Figure 4. Evolution of energy during the manufacture of the mold.

2.2. Methodology for Material Characterization and Part Verification

Measuring molds for large parts in industrial environments used to be a difficult and
time-consuming with high precision. In this paper, a Portable FARO (FARO Technologies
Inc., Lake Mary, FL, USA) Vantage Laser Trackers made on-site measurements in 3D
coordinates by tracking a target that the user moved from one point to another of the
wire-arc manufactured part, as it can be seen on Figure 5a. The measurements were then
compared to nominal CAD data, Figure 5b.

 
(a) (b) 

Figure 5. Set-up for the geometric verification of the part: (a) laser tacker and (b) reference points on the CAD part.
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3. Results

3.1. Mechanical Characterization of Additive Manufacturing Material

A sample wall had been manufactured using same additive conditions that were in
the mold part. The wall was manufactured to take out specimens with threaded terminals
to perform the tensile tests according to the ISO 6892-1 standard [22]. The tensile tests in
uniaxial direction were carried out at room temperature in an Instron (Instron, Norwood,
MA, USA) 5585H bench test that gave 100 kN of maximum load equipped with an Instron
EX2620-602 (contact extensometer). In addition, the same samples were performed at room
temperature using Vickers hardness tests at different heights on a Struers Duramin A-300
machine (Struers, Copenhagen, Denmark).

The following Table 3 summarizes the results obtained from the tensile tests carried
out on the specimens. Six tensile tests were carried out in each of the horizontal and vertical
directions to determine the anisotropy of the mechanical properties. ER70 steel is an easily
weldable mild steel that exhibits similar mechanical properties in both directions. In this
case, the tests do not show large differences, being comparable to the data of the material
provided by the supplier. Additionally, a Vickers hardness test was carried out at different
heights, which placed its hardness around 150 HV.

Table 3. Summary of mechanical characterization on the sample walls.

Material Direction Tensile Test Vickers Test

UTS
(MPa)

YS 0.2%
(MPa)

Elong.
(%)

Hardness
[HV]

WAAM sample wall
Horizontal 498 ± 9 368 ± 12 36 ± 4

151 ± 9Vertical 501 ± 3 368 ± 4 32 ± 1
ER70 as welded - 500–640 >420 28

As part of the analysis of the properties of the additive material, the cross-sectional
macrographs of the bead are presented in the following Figure 6. The dissimilarity inherent
in the formation of the layers of the beads is observed. Nevertheless, no macrostructural
flaws such as lack of filling or pores are seen. To reveal the grain and to know the crys-
tallography of the ER70 additive material, polished and finally etched with a solution 2%
Nital-Nitric and Ethanol acid- to reveal the grain structure were used. Ferrite areas and
ferrite / bainite acicular areas are generally found. In the upper part, as there have been
thermal cooling-heating cycles, there are acicular parts of ferrite. In the central part in
every layer limit also can be found acicular ferrite/bainite small areas but the microstruc-
ture mainly is composed by polygonal ferrite zones. A more detailed analysis of the
microstructure can be found in the articles by Eider et al. [23,24].
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Figure 6. Macrograph and micros of a wall made of ER70 steel, at different heights.

3.2. Model for the Simulation of Thin-Wall Deformations

In this section, the model simulation of the additive manufacturing process by material
addition of the mold ER70 steel part is presented. The analyses performed aimed to
predict the thermo-mechanical behavior of the part, by analyzing the temperature field
and permanent displacements during the process. One of the most frequent problems that
occurs when parts are manufactured with this technology is the appearance of permanent
deformations, the stored heat begins to transfer and the different parts of the model begin
to expand depending on the temperature they reach and their properties. Since there are
usually important thermal gradients in the part, different dilatations are produced. From
the point of view of heat transfer, conduction, convection and radiation mechanisms are
considered. The phase change of the material used in the addition is also taken into account.
These type of simulations are very nonlinear, due to the nonlinearity of the materials and to
the fact that the addition of material implies, in numerical terms, to frequently modify the
stiffness matrix, which makes the resolution of the problem costly or even unfeasible from
a resolution time point of view. Regarding the software, two programs are used for the
simulation of the additive manufacturing process. Thus, the mesh is built with Siemens’ NX
software (Siemens, Munich, Germany), while the rest of the pre- and post-processing tasks
are completed through MSC’s Mentat. The solver used to solve the thermo-mechanical
problem in MSC-Marc. According to Zhang et al. [25], the temperature-dependent material
parameters were in this case the thermal expansion coefficient, thermal conductivity, elastic
modulus, yield stress and specific heat. These temperature-dependent materials were
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obtained from the MSC Marc (MSC Software, Irvine, CA, USA) software database [26]. In
this research, the double ellipsoid heat source according to Goldak [27] was considered,
which is a proposed heat source model that promotes heat input as a function to generate
heat while being able to control the overall amount of power delivered into the substrate
and filler. This is a typical approach for common arc welding simulations, which reproduces
the thermal energy input well [28,29]. The power density distribution in the heat source is
as following. In the front half of the heat source:

qf(x, y, z) =
6
√

3ffQ
abcfπ

√
π

exp

(
−3x2

a2 − 3y2

b2 − 3z2

c2
f

)
(2)

In the rear half of the heat source:

qr(x, y, z) =
6
√

3frQ
abcrπ

√
π

exp
(
−3x2

a2 − 3y2

b2 − 3z2

c2
r

)
(3)

where qf is the power density distribution in the front half of the heat source and qr is that
in the rear half of the heat source; a is the width of the heat source and b is the depth; cf and
cr are the forward and rear lengths of the heat source along the length of the layers; Q is
the power of the heat source and Q = ηVI. η is the heat source efficiency and V and I are
the voltage and the current; ff and fr are the fractions of the heat deposited in the front and
rear halves of the heat source and ff + fr = 2.

The heat source efficiency of GMAW is assumed to be 85% [30] and the parameters
defining the dimensions of molten pool used for the volume weld flux are chosen according
to actual dimensions of the molten pool. The distribution parameters of double ellipsoidal
heat source are assumed to be the same in the numerical simulation of all layer deposi-
tions. Considering the high temperature gradient of deposition metal, the meshes in the
deposition area and the heat-affected zone are dense. The finite element mesh consists
of hexahedron elements, and the element size in the deposition area is about 1 mm. Sim-
ulation has been performed using several element sizes close to 1.3 mm by keeping the
total height constant. It is overserved that there is not any difference in the temperature
variation in layers and in total deformation of the mold. Hence, in this paper the average
element size is considered as 1 mm. The material is modeled as elastic perfectly plastic.
The overall geometry, including both filler and base metal, was discretized using 15,398,
8-nodes brick elements. Free convection boundary conditions were set up on the base plate
top and bottom surfaces and on the wall vertical surfaces. Convection coefficients values,
set according to literature correlations, were: 8.5 W/m2K for the base plate top surface,
4.0 W/m2K for the bottom surface and 12.0 W/m2K for the wall vertical surface. A bound-
ary condition of general radiation to environment was included, setting material emissivity
was set to 0.3. Environment and material initial temperatures were set to 20 ◦C. At the
room temperature (25 ◦C), the Poisson’s ratio is 0.29 and the elastic modulus is 190 GPa.
The yield stress is 448 MPa and the thermal expansion coefficient is 13 μm/(m·K). The
specific heat is 470 J/(kg·K) and the thermal conductivity is 50 W/(m·K) Figure 7a shows
the finite element mesh multi-layer deposition of the original model and in Figure 7b shows
the temperature field during the manufacturing processes. The simulated temperatures
and the measured temperatures are around 1000 ◦C, although the melting temperature
of the material is over 1400 ◦C. The simulation is focus on the quasi-stationary state of
the process, where an abrupt drop in temperature is observed in the first moments of the
deposition. It has been chosen to show the quasi-stationary state of the process, being more
comparable to the measurements made on the material moments after deposition.
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(a) (b) 

Figure 7. Simulation of temperatures in the manufacturing process: (a) meshing of the original CAD model and (b) result of
the prediction of temperatures in the i layer.

Similarly, Figure 8 shows the temperatures measured by the pyrometer that continued
to manufacture the part. A temperature of just over 900 ◦C has been reached, a little behind
the simulated ones. It should be noted that the measurement of the pyrometer on the
surface is collected with a slight delay, despite that the fit between the simulation and the
real measurements presents correct results with a difference of less than 100 ◦C.

Figure 8. Temperature measured by the pyrometer installed in the torch during the additive process.

From Finite element simulation, the distribution of displacements on the thin-walled
part examined and gathered information of the distortion of nodes in the FEM simulation.
The estimated deformations for the manufacture of the part are shown in the Figure 9. The
largest deformations are in the lower part of the curved zone and in the largest straight
surface. This results then compare with the real time measuring techniques discussed in
next section.

220



Metals 2021, 11, 678

Figure 9. Deformations predicted by the finite element model for additive manufacturing of thin-
walled part.

3.3. Measurement of Final Part Deformation

Once the GMAW manufacturing process of the molded part was completed, a mea-
surement of its geometry was performed by an external company. As can be seen in the
Figure 10, where the measured reference points are shown as black points against the
predicted surface, the final part is within tolerances. Once the machining process (finishing)
has been carried out, a fully functional final part would be obtained. The main sources
of divergence between the measurement of the real part and the predictions of the simu-
lated part are: (i) deformations and relaxations of the substrate that affect the geometry,
(ii) transport and handling of the part and finally, (iii) wire-arc additive manufactured
walls have a wavy surface, as it can be seen in Figures 5 and 6, that infers large variations
in the measurements.
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Figure 10. Measured outer surface points (black points) vs. predicted deformed surface from
the model.

4. Discussion

Comparison of the Results Predicted by the Model and the Final Part Measurements

For a more detailed comparison of the measurements made with the results of the
model, the part has been divided into different reference surfaces. With divided surfaces,
as it can be seen on Figure 11, it is needed to focus on surface to surface. By calculating the
distances between points according to Equation (4), the four points of the original surface
closest to the measurement points are found.

Figure 11. Volume division on reference surfaces.

These points will be the same as those taken on the deformed surface to compare with
the measured points. Being P1 with coordinates (x1, y1, z1) and P2 with coordinates (x2, y2,
z2), Equation (4) measures the modulus of the distance between the points.

d(P1, P2) =
√
(x2 − x1)

2 + (y2 − y1)
2 + (z2 − z1)

2 (4)
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With the selected points of both the original surface and the simulated deformed
surface the equation of the plane that contain the point can be calculated. Then, the
distance from the measurement point to the plane is calculated according to Equation (3).
given the point P (x0, y0, z0) and the plane π: Ax + By + Cz + D = 0.

d(P,π) =

∣∣Ax0 + By0 + Cz0 + D
∣∣√

A2 + B2 + C2
(5)

This produces a csv file that includes the distances between the measured points and
the original surface, the deformed surface and the original and the measured points and
the deformed surface.

In addition, the YZ or XZ plane has been plotted according to the case of the flat
surfaces of the part in the case of the measured points and the deformed surface, mapping
the color as a function of the value of the remaining coordinate.

Among the analyzed surfaces, what happened on surface 1 and 3 is highlighted
because it reflects what happens on all other surfaces (see Figure 11).

Going in further detail into surface 1 (Figure 12a), something similar is observed;
quantitatively the simulation does not exactly predict the displacement, but the way in
which this wall deforms. In the real case, the lower part of the wall deforms outwards,
and the upper part moves slightly towards the inside of the piece. In the simulation, the
displacement of the lower part is not appreciated, but the deformation of the upper part
towards the interior of the part is.

While the simulated and the real surface 3 quantitatively differs. The way in which
this wall has been deformed is similar in the real case and the simulated one, as seen in
Figure 12b, so qualitatively could be accepted. It is observed that the lower central part
enters towards inside the part and the upper part deforms outwards. The simulation shows
good agreement on distortion tendency compared to the results of experiment with relative
percentage error up to only 20%.

(a)

Figure 12. Cont.

223



Metals 2021, 11, 678

(b) 

Figure 12. Comparison of the surfaces between the measurements and the predictions of the model
in (a) surface 1 and in (b) surface 3.

5. Conclusions

This paper has presented a model for the prediction of deformations in a thin-walled
mold part manufactured by means of WAAM technology. The main novelty presented by
this article is the holistic vision of additive manufacturing by WAAM, with the use of finite
element models to assist in the prediction of temperatures and deformations in the final
part. The conclusions that can be obtained from this work are the following:

• The methodology for the manufacture of a mold piece by means of GMAW-WAAM
technology with the combination of two transfer methods Cold-Arc and pulsed-
GMAW has been presented.

• The deposition conditions ensure good metallographic quality and mechanical prop-
erties like those given by the supplier of the wire material.

• The finite element model predicts the process temperature. The adjustment of the
predicted values with the temperature measured by means of pyrometric techniques
shows accurate fitting. Results show deviation of less than a 5% in the temperature
prediction.

• The deformation prediction model allows to know qualitatively the deformation
mode of the part. Qualitatively the results are correct but can be improved, due to the
external sources of error described. The surface waviness of the part manufactured,
which reaches 2 mm from peak to valley, is one of most important.

• Finally, this paper has covered the purpose of prospecting the application of finite
element simulation models for the prediction of deformations in thin-walled parts
manufactured by WAAM technology.
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Nomenclature

E Energy
I Intensity
V Voltage
TS Travel speed
UTS Ultimate tensile strength
YS Yield stress
qf Power density distribution in the front half of the heat source
qr Power density distribution in the rear half of the heat source
ff Fraction of the heat deposited in the front half of the heat source
fr Fraction of the heat deposited in the rear half of the heat source
cf Forward length of the heat source along the length of the layers
cr Rear length of the heat source along the length of the layers
a Width of the heat source
b Depth of the heat source
Q Power of the heat source
η Heat source efficiency
d(P1, P2) Distance between two points
d(P, π) Distance between a point and a plane
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Abstract: Titanium and its alloys exhibit superior properties of high corrosion resistance, an excellent
strength to weight ratio and outstanding stiffness among other things. However, their relatively low
hardness and wear resistance limit their service life in high-performance applications of structure
parts, gears and bearings, for example. The fabrication of a ceramic reinforced titanium matrix
composite (TMC) coating could be one of the solutions to enhance the microhardness and wear
resistance. Titanium carbide (TiC) is a preferable candidate due to the advantages of self-lubrication,
low cost and a similar density and thermal expansion coefficient with titanium. The fabrication of
TiC-TMC coatings onto titanium using a laser directed energy deposition (LDED) process has been
conducted. The problems of TiC aggregation, low bonding quality and the generation of fabrication
defects still exist. Considering ultrasonic vibration could generate acoustic steaming and transient
cavitation actions in melted materials, which could homogenize the distribution of reinforcement
materials and promote the dissolution of TiC into liquid titanium. In this study, for the first time, we
investigate the ultrasonic vibration-assisted LDED of TiC-TMC coatings. The effects of ultrasonic
vibration and reinforcement content on the phase compositions, reinforcement aggregation, bonding
quality, fabrication defects and mechanical properties (including microhardness and wear resistance)
of LDED deposited TiC-TMC coatings have been investigated. With the assistance of ultrasonic
vibration, the aggregation of TiC was reduced, the porosity was decreased, the defects in the bonding
interface were reduced and the mechanical properties including microhardness and wear resistance
were increased. However, the excessive TiC content could significantly increase the TiC aggregation
and manufacturing defects, resulting in the reduction of the mechanical properties.

Keywords: ultrasonic vibration; laser directed energy deposition; coating; TiC-TMC

1. Introduction

Titanium and its alloys have been widely used in many industries (including the auto-
motive industry, aerospace industry and medical industry) due to their superior properties
of strong corrosion resistance, a high strength to weight ratio and outstanding stiffness
among other things [1,2]. However, their relatively low surface mechanical properties
(hardness and wear resistance) limit the service life in high-performance applications of
structure parts, gears, bearings and jet engine compressors, for example. [3,4]. Ceramic
reinforced titanium matrix composites (TMCs) were coated onto titanium to improve the
mechanical properties [5,6]. Compared with other ceramic reinforcements (such as Al2O3,
SiC, TiN and TiB [7–10]), TiC exhibits the unique property of self-lubrication with enhanced
the wear resistance, a relativity low material cost and a similar thermal expansion coef-
ficient with titanium [11]. TiC-TMC coatings have been successfully fabricated by laser
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additive manufacturing processes [12–15]. The mechanism of the dissolution of TiC into
titanium and the phase transformations during the fabrication have been investigated. The
results show that the precipitated TiC with a refined microstructure could significantly
improve the surface microhardness and wear resistance.

Laser directed energy deposition (LDED) has been widely used in the fabrications of
TMC coatings onto a metallic workpiece. In LDED, the melted material can be solidified
at a high cooling rate (103–106 K/s) [16], which contributes to the development of coating
layers with a relatively fine-grained microstructure [17,18]. LDED also has the capability
of the functionally gradient coatings fabrication, which can reduce the discontinuity of
properties between base materials and reinforced layers [19]. TiC-TMC, as a kind of
preferable coating material, has been deposited onto titanium and its alloys by an LDED
process [12,13,20–24]. The results showed that the LDED fabricated TiC-TMC coatings
could significantly improve the surface properties of microhardness and wear resistance.
By optimizing the laser density, the microhardness and wear resistance could be further
increased [21,22]. In addition, by utilizing the functionally gradient coating layers, the
bonding quality, density and surface properties were improved [12,24].

However, there are still a few problems that exist in the LDED fabricated TiC-TMC
coatings such as the reinforcement aggregation and the generation of fabrication defects.
Due to the high cooling rate of LDED, TiC powders were always partially melted and
dissolved into liquid titanium during the fabrication [22]. These solid TiC particles resulted
in the problem of the inhomogeneous distribution of unmelted reinforcement particles. In
addition, the existence of solid TiC particles in the molten pool caused the lack of fusion,
which was the major reason of the generation of fabrication defects. Both problems could
reduce the microhardness and wear resistance of TiC-TMC coatings fabricated by the LDED
process [13]. Utilizing ultrasonic vibration-assisted LDED to fabricated TiC-TMC coatings
could be a possible solution to solve the existing problems. Ultrasonic vibration had been
widely utilized in the LDED process to fabricate alloys and metal matrix composites. Cong
et al. pointed out that the assistance of ultrasonic vibration could reduce the grain size and
porosity, increase the size of the molten pool and improve the Rockwell hardness [25]. Wang
et al. found the assistance of ultrasonic vibration could refine the Laves phase in LDED
fabricated Inconel 718 parts, which improved the microhardness and wear resistance [26].
Li et al. investigated the effects of ultrasonic vibration on LDED fabricated Ni/WC/La2O3
coatings [27]. The assistance of ultrasonic vibration could disrupt the dendrites, refine
the grain size and improve the hardness and wear resistance. The reinforcement size
and mechanical properties of TiB reinforced Ti matrix composites were improved by the
assistance of ultrasonic vibration, as stated by Ning et al. [28]. Ultrasonic vibration induced
two direct actions on liquid materials including acoustic streaming and transient cavitation.
The acoustic streaming was a steady flow in the fluid materials driven by the absorption of
acoustic oscillations. Such actions could mix and stir the liquid materials in the molten pool,
which could homogenize the distribution of reinforcement [25,26]. The transient cavitation
was the dynamic process of growth and collapse of microbubbles in liquid materials, which
promoted the dissolution of solid particles [29]. In addition, ultrasonic vibration could
provide extra energy to the molten pool and promote the melting of powder materials [25].

In this study, the TiC-TMC coatings were successfully coated onto titanium by the
ultrasonic vibration-assisted LDED process. The effects of ultrasonic vibration and TiC
content on the phase compositions, reinforcement aggregation, bonding quality, fabrication
defects, microhardness and wear resistance of TiC-TMC coatings were investigated.

2. Materials and Methods

2.1. Powder Materials and Treatment

The powder materials used in this study were TiC powder (99.7% purity) and Ti
powder (99.9% purity) (Atlantic Equipment Engineers Inc., Upper Saddle River, NJ, USA).
A pure Ti plate with a thickness of 6.65 mm was used to coat the substrate.
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According to the results of the preliminary experiments, three feedstock material
powders (Ti, Ti + 5 wt.% TiC and Ti + 10 wt.% TiC) were adopted to study the effects of TiC
content. As shown in Figure 1, before the LDED process TiC powder and Ti powder were
mixed by a ball milling machine (ND2L, Torrey Hills Technologies LLC., San Diego, CA,
USA). The weight ratio of the milling balls to powders was 1:1. The milling time was 4 h
with a consistent rotation speed of 200 rpm. The TiC powders were partially embedded on
the surface of the Ti powders after the ball milling process.

 

Figure 1. Powder pretreatment: (a) Ti powder; (b) TiC powder; (c) planetary ball milling process;
(d) prepared TiC-Ti powder.

2.2. Experimental Setup

Experiments were conducted on an LDED system (LENS 450, Optomec Inc., Albu-
querque, NM, USA). Figure 2 shows the experimental setup of the ultrasonic vibration-
assisted LDED system. To avoid the oxidation of Ti at a high temperature, the chamber
system was purged by argon gas until the oxygen level was lower than 50 ppm. Inside the
chamber, a ceramic vibrator with a frequency of 29 kHz was fixed under the Ti substrate
to provide ultrasonic vibration. A laser system equipped with a 400 W fiber laser source
(YLM-1070, IPG Photonics, Oxford, MA, USA) was used to generate the laser beam. The
movement of the substrate and the cladding head were controlled by the control system to
build the designed 3D structures. During the fabrication, the laser beam was transmitted
to the surface of the substrate to generate a molten pool, which caught and melted the
material powders. When the laser beam moved away, the molten pool was solidified to
fabricate the first layer. After the fabrication of the first layer, the cladding head moved up
the distance of the layer thickness. The second layer was fabricated on top of the first layer.
The designed coatings were deposited layer by layer. The laser coating parameters in this
study are listed in Table 1.
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Figure 2. Experimental setup.

Table 1. Laser coating parameters.

Input Fabrication Variables Value

Laser power (W) 375
Beam diameter of laser (μm) 400

Wavelength of laser (μm) 1.07
Deposit head scanning speed (mm/min) 11

Hatch distance (μm) 380
Layer thickness (μm) 432

Powder feeding rate (g/min) 2.5
Number of layers 3

Oxygen level (ppm) <50
Argon gas flow rate (L/min) 6

Scanning orientation (◦) 45, alternate 90 per layer

2.3. Measurement Procedures

After fabrication, the deposited coating layers were ground and polished (perpendicu-
lar to the deposition direction) by a grinder/polisher machine (MetaServ 250, Buehler, Lake
Bluff, IL, USA). The whole cross-sectional surfaces and bonding quality were observed
by an optical microscope (OM) (DSX-510, OLYMPUS, Tokyo, Japan). ImageJ software
(1.8.0_172, LOCI, University of Wisconsin, Madison, WI, USA) was used to analyze the
observed images under the mode of black and white [30]. The morphologies of the pow-
ders and the microstructure of the fabricated coatings were observed by scanning electron
microscopy (SEM) (Phenom Pharos, Nanoscience, Phoenix, AZ, USA), which was equipped
with a backscatter electron detector (BSD) system and an energy dispersive X-ray spec-
troscopy (EDS) system. The element compositions and phases were analyzed by an EDS
and X-ray diffraction (XRD) machine (Ultima III, Rigaku Corp., Woodlands, TX, USA),
respectively. In the XRD, the samples were scanned from 20 to 80 degrees (2θ) with a
scanning step of 0.02 degrees (2θ), a wavelength of 0.154 nm, a voltage of 40 kV and a
current of 44 mA. The weight percentages of each phase were calculated by MDI/JADE
software (Version 2020, Materials Data, Livermore, CA, USA).

The microhardness of the deposited coating layers was tested by a Vickers microhard-
ness tester (Phase II, Upper Saddle River, Bergen, NJ, USA) with a 10 N normal load and
a 10 s dwell time. For each combination of inputs, two samples fabricated by the LDED
process were tested. For each sample, the microhardness values were measured on ten
random positions of the cross-sectional surface. The wear rate was tested and measured by
dry sliding tests with a 1 mm radium silicon carbide (SiC) ball at room temperature using a
mechanical testing system (PB1000, Nanovea, Irvine, CA, USA). During the dry sliding
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test, the SiC ball slid on the surface of the coating for 0.25 h with a load of 0.2 N, a constant
sliding speed of 3 mm/s and a sliding distance of 3 mm. The wear volume lost, V, was
calculated by Equation (1) [26].

V = L × [(πR2)/180 × arcsin(W/2R) − W/2 × (R2 − (W/2)2)0.5] (1)

where L was the sliding distance, mm; R was the radius of the sliding ball, mm and W was
the scratching width, mm. The wear rate Wr was calculated by Equation (2).

Wr = V/(F(vT)) (2)

where F was the normal load used in the dry sliding test, N; v was the sliding speed, mm/s
and T was the time of the dry sliding test, s.

3. Results and Discussion

3.1. Phase Compositions

The XRD results on the phase compositions are shown in Figure 3. The peaks were
fitted and identified according to the information in the powder diffraction file (PDF) cards.
Both TiC(O) and non-stoichiometric TixCy(P) had a cubic lattice structure [9,21]. The lattice
parameter a could be calculated by Bragg’s law, as shown in Equation (3) [31]:

1/(dhkl)
2 = (h2 + k2 + l2)/a2 (3)

where dhkl was the lattice spacing, which could be calculated by the location of the peak
(Degree 2-theta) and h, k and l were the Miller indices of the Bragg plane, which could be
found in PDF cards. The lattice parameter of TiC(O) was 4.337 Å. As a comparison, the
lattice parameter of TixCy(P) was 4.272 Å, which was lower than that of TiC(O).

Figure 3. The effects of ultrasonic vibration and TiC content on the phase compositions of TiC-TMC
coatings: (a) 5% TiC; (b) 10% TiC.
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The TiC(O) was the phase of original feedstock TiC powders in which the atomic
ratio of Ti and C was 1:1. The TixCy(P) phase was non-stoichiometric TiC, which was
precipitated from the TiC-Ti solutions during the fabrication [9,32]. Its atomic ratio of
Ti and C could be changed from 1:0.55 to 1:1. The phase compositions of the feedstock
powders and the LDED fabricated TiC-TMC coatings with 5% TiC and 10% TiC are shown
in Tables 2 and 3, respectively. As shown in Figure 3a, at the low level of TiC content
with the assistance of ultrasonic vibration, the area of TiC(O) peaks was significantly
decreased. The detailed phase compositions results showed that the content of the TiC(O)
phase in the TiC-TMC coatings decreased from 2.94 wt.% to 0.72 wt.%. In addition, the
content of the TixCy(P) phase increased from 4.36 wt.% to 6.98 wt.%. The reason for the
phase composition changes was that ultrasonic vibration could promote the dissolution
and precipitation process during the fabrication. On one hand, the acoustic streaming
could mix and stir the liquid materials inside the molten pool, which could enhance the
movement of both solvent and solute [22,33]. In addition, the transient cavitation induced
by ultrasonic vibration could increase the diffusion rate between the TiC(O) particles and
the liquid titanium [34]. Due to these two actions, more solid TiC(O) particles could be
directly dissolved in liquid Ti. On the other hand, the additional energy was induced to
the molten pool by ultrasonic vibration, which increased the temperature of the liquid
materials [15]. More TiC(O) particles could be melted at a high temperature and then
dissolved into the liquid titanium. During the solidification, the solubility of the TiC
in the titanium was reduced. There were more TixCy(P) phases precipitated from the
TiC-Ti solution.

Table 2. Phase compositions of the feedstock powder and the TiC-TMC coatings with 5% TiC.

Conditions TiC(O) (wt.%) TixCy(P) (wt.%) Ti (wt.%)

Feedstock powder 5.24 0 balance
TiC-TMC coatings without UV 2.94 4.36 balance

TiC-TMC coatings with UV 0.72 6.98 balance

Table 3. Phase compositions of the feedstock powder and the TiC-TMC coatings with 10% TiC.

Conditions TiC(O) (wt.%) TixCy(P) (wt.%) Ti (wt.%)

Feedstock powder 10.71 0 balance
TiC-TMC coatings without UV 6.89 5.87 balance

TiC-TMC coatings with UV 5.12 8.48 balance

The XRD results of the feedstock powders and the fabricated TiC-TMC coatings with
a high level of TiC content are shown in Figure 3b. It could be observed that the peaks pf of
TiC(O) and TixCy(P) had slight changes. The detailed phase compositions are shown in
Table 3. Similar to the conditions with a lower TiC content, with the assistance of ultrasonic
vibration, the content of TiC(O) decreased and the content of TixCy(P) increased. However,
the TiC(O) content in the TiC-TMC coatings was slightly reduced in comparison with that
in the coatings with a lower TiC content. It meant that the effects of ultrasonic vibration on
the phase transformation (from the TiC(O) phase to the TixCy(P) phase) were suppressed.
The higher content of TiC had two major effects. First, feedstock powders need more energy
to melt due to the high melting point of TiC. At a relatively high TiC content of 10 wt.%, the
TiC(O) particles were harder to melt and then be dissolved into liquid Ti, which prevented
the precipitation of TixCy(P) particles. Second, the increase of solid TiC(O) particles reduced
the fluidity of the molten pool. The actions of ultrasonic vibration on the liquid materials
were suppressed, which further prevented the dissolution and precipitation process.

3.2. Microstructure

Figure 4 shows the element compositions analyzed by EDS on the cross-section of the
TiC-TMC coatings fabricated by the LDED process. There were three different kinds of
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regions (black, grey and light). In these three different regions, the element compositions
were analyzed (as shown in Figure 4b–d). It could be seen that the irregular-shaped black
regions had an atomic ratio of titanium to carbon of 1:1 (the same as the atomic ratio of
titanium to carbon in the TiC(O) phase). Associated with the XRD analysis, it could be
considered that the black regions were the TiC(O) phase. The grey regions had 36 at.%
of the C element, which could be considered as TixCy(P). The major reason was that the
composition range of TixCy(P) was extraordinarily wide according to the Ti-C phase dia-
gram and its C element content was lower than that in the TiC(O) (50 at.%) [12]. Figure 4a
shows that the size of the individual spherical-shaped grey regions was smaller than the
size of the feedstock TiC powders, indicating the grey regions should be generated during
the solidification. Similar phenomena have also been reported in other investigations
on the fabrication of TiC-TMC parts [13,33]. Beside the independently distributed grey
regions, there were also grey regions surrounded by the boundary of black regions. Due
to the high cooling rate in the LDED process, the TiC particles with larger sizes could
not be fully dissolved into the liquid titanium. The dissolution of TiC(O) into titanium
took place at the boundary of the solid TiC(O) particles, which formed the TiC-Ti solution
around the undissolved TiC(O) cores. During the solidification, the solubility of TiC in the
TiC-Ti solution decreased, resulting in the interfacial reaction product of TixCy(P). A similar
phenomenon was also reported in the investigations of sintered TiC-TMC materials [35–37].
The light regions had 95.5 at.% of the Ti element, which indicated that these regions were
the titanium matrix.

 

Figure 4. The EDS results of a laser DED fabricated TiC-TMC coating: (a) the microstructure
morphology of the TiC-TMC coatings; (b–d) the element composistions of different regions.

The effects of ultrasonic vibration and TiC content on the microstructure are shown in
Figure 5. Figure 5b,c,f,g show the cross-sectional OM images of the coatings fabricated by
LDED. It could be observed that the reinforcements aggregated with the laser direction.
Figure 5a,d,e,h show the enlarged view of SEM images of the aggregated regions of the
reinforcements. It could be seen that the grey particles with a smaller size were relatively
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evenly distributed in the Ti matrix. As a comparison, the black particles mainly caused the
aggregation. As discussed in Section 3.2, the small-sized grey particles were in the TixCy(P)
phase and the large-sized black particles were in the TiC(O) phase. According to the SEM
images, it could be confirmed that the reinforcement aggregation was mainly caused by the
TiC(O) particles. It can be seen in Figure 5e–h that with the assistance of ultrasonic vibration,
there were less TiC(O) particles aggregated. As discussed in Section 3.1, with the assistance
of ultrasonic vibration, the amount and size of the TiC(O) particles in the TiC-TMC coatings
could be significantly decreased. The reduction of unmelted and undissolved particles
could increase the fluidity of the liquid materials in the molten pool. Similar phenomena
were also reported in the laser melting of TiC-Al composites [38]. These solid TiC(O)
particles recirculated in the molten pool faster, which improved the distribution of the
undissolved TiC(O). Both the reduction of the TiC(O) particles and the better distribution
of TiC(O) could significantly release the reinforcement aggregation.

 
Figure 5. The microstructure of a laser DED fabricated TiC-TMC coating: (a,d,e,h) the SEM images; (b,c,f,g) the OM images.

As shown in Figure 5c,g, with the increase of TiC content, more TiC(O) particles
aggregated in the LDED fabricated coatings. As discussed in Section 3.1, the TiC-TMC
coatings with a higher content of TiC had more TiC(O) particles. The larger amount of
solid TiC(O) particles could reduce the fluidity of the molten pool, which suppressed the
movement of solid TiC(O) particles [39]. In addition, the specific heat capacity and laser
absorptivity of TiC and Ti were different. The increase of the TiC content could enlarge the
difference of the temperature and solidification rates inside the molten pool [40]. In the
regions with a low temperature, liquid materials solidified faster. It could also suppress
the movement of solid TiC(O) particles and resulted in the variation of the distribution of
TiC(O) particles.

3.3. Bonding Quality

The molten pool of TiC-TMC coatings generated in the laser DED process with and
without ultrasonic vibration are shown in Figure 6a. With the assistance of ultrasonic
vibration, the width and depth of the molten pool became larger. The major reason was
that the actions of acoustic streaming could stir the liquid material in the molten pool.
For the Gaussian laser used in this study, the energy at the center of the laser beam was
much higher than that at the boundary, leading to uneven heat density in the molten
pool [41,42]. The actions of mixing and stirring promoted the dispersion of the high-
temperature liquid from the center to the boundary of the molten pool. The temperature at
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the boundary then increased, which promoted the melting of the substrate materials [43].
In addition, ultrasonic vibration provided extra energy to the molten pool and increased
the temperature of the liquid materials. A greater number of substrate materials could be
melted at a higher temperature.

 

 
Figure 6. The effects of ultrasonic vibration on bonding quality: (a) the molten pool of the TiC-TMC coatings; (b) the
bonding interface of the TiC-TMC coatings.

Figure 6b shows the bonding interface of the TiC-TMC coatings. The defects in
the bonding regions were mainly caused by the insufficient overlap between adjacent
layers, which could be significantly reduced by the assistance of ultrasonic vibration. The
major reason was that ultrasonic vibration increased the depth of the molten pool on
the substrate. The metallic bonding between the substrate materials and coating layers
could be significantly improved. In addition, as discussed in Section 3.3, the fluidity of
the liquid materials in the molten pool was improved by ultrasonic vibration. The higher
fluidity increased the powder absorbability of the molten pool, which was also helpful
for generating sufficient overlaps. A similar result was reported in the fabrication of
zirconia-alumina ceramics using an LDED process [44].

3.4. Fabrication Defects

The fabrication defects of the LDED fabricated TiC-TMC coatings on a cross-sectional
surface are shown in Figure 7. It could be seen that most fabrication defects were in
irregular shapes. In the LDED process, the irregular-shaped fabrication defects on the
cross-sectional surface were usually caused by lack of fusion, as demonstrated by Zhang
et al. [45]. As the molten pool was enlarged by the assistance of ultrasonic vibration, the
lack of fusion at the boundary of the molten pool was reduced. In addition, more powder
could be caught by the molten pool during the fabrication, promoting the formation of
sufficient overlaps.
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Figure 7. The effects of ultrasonic vibration on the fabrication defects: (a) the molten pool of the
TiC-TMC coatings; (b) the bonding interface of the TiC-TMC coatings.

With the increased TiC content, the amount of irregular fabrication defects increased
due to the lack of fusion. In this study, the laser input energy was constant. The TiC needed
to absorb more energy to be melted than titanium. The TiC-TMC coatings with a higher
TiC content had more unmelted TiC(O) particles in the molten pool during the fabrication,
which aggravated the lack of fusion. Moreover, the large number of solid TiC(O) particles
reduced the fluidity of the liquid materials in the molten pool resulting in the aggregation
of unmelted TiC(O) particles. In these unmelted TiC(O)-rich regions, a lack of fusion was
more likely to happen, as reported in the LDED fabricated Ti6Al4V with trace boron and
the selected laser melting of a TiB2 coating on Ti6Al4V [46,47].

3.5. Mechanical Properties
3.5.1. Microhardness

Figure 8 shows the effects of ultrasonic vibration and TiC content on microhardness.
With the assistance of ultrasonic vibration, the microhardness value increased. As discussed
in Section 3.1, more refined TixCy(P) particles were precipitated in the titanium matrix with
the assistance of ultrasonic vibration. These refined reinforcements could evenly bear the
load and increase the resistance of plastic deformation during the microhardness tests. A
similar result was demonstrated by Shen et al. through numerical methods [48]. Moreover,
as discussed in Section 3.4, with the assistance of ultrasonic vibration, the fabrication
defects decreased significantly. The higher density increased the ability to support the
load, which could also increase the microhardness. Compared with commercial pure
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titanium coating layers, TiC-TMC coatings had a larger microhardness. The major reason
was that TiC could support the load and reduce the deformation. However, the excessive
TiC content led to the reduction of microhardness. As discussed before, the major reason
was that the increase of fabrication defects reduced the microhardness.

Figure 8. The effects of ultrasonic vibration and TiC content on microhardness.

3.5.2. Wear Resistance

The sliding width of the material removal trail and wear rate are shown in Figure 9.
Both the sliding width and wear rate had a negative relationship with the wear resistance.
With the assistance of ultrasonic vibration, the wear resistance increased. The significant
reduction of the fabrication defects provided a smoother interface and reduced the friction
coefficient of the coating layers [49]. Under the same test condition, the friction force was
reduced, resulting in a smaller material removal volume and higher wear resistance. In
addition, the reinforcement aggregation was reduced by ultrasonic vibration. It contributed
to the formation of the uniform anti-wear protective layer during the dry sliding tests to
further increase the wear resistance.

Figure 9. The effects of ultrasonic vibration and TiC content on microhardness.

Compared with CP-Ti, TiC-TMC coatings showed a higher wear resistance. In ad-
dition, the friction force was measured during the dry sliding tests. The average friction
coefficients of each combination of input were calculated and are listed in Table 4. The ma-
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jor reason was that the hardness of TiC was extremely high, which increased the hardness
of the TiC-TMC coatings. The adhesive wear mode was changed to abrasive wear, which
could significantly increase the wear resistance [50,51]. In addition, during the dry sliding
tests, the SiC ball would leave a rough worn surface on the samples. The spherical TiC
particles might have the function of self-lubrication [52,53]. With the increase of the TiC
content to a high level (10 wt.%), the wear resistance was reduced. The major reason was
that the greater number of fabrication defects increased the friction coefficient.

Table 4. The average friction coefficient of the CP-Ti and TiC-TMC coatings.

Conditions Friction Coefficient

CP-Ti without UV 0.322
CP-Ti with UV 0.324

5 wt.% TiC-TMC coatings without UV 0.201
5 wt.% TiC-TMC coatings with UV 0.129

10 wt.% TiC-TMC coatings without UV 0.296
10 wt.% TiC-TMC coatings with UV 0.268

4. Conclusions

In this study, TiC-TMC coatings with different TiC contents were fabricated by an
ultrasonic vibration-assisted LDED process. The effects of ultrasonic vibration and TiC
content on the phase composition, TiC aggregation, bonding quality, fabrication defects
and mechanical properties were investigated.

With the assistance of ultrasonic vibration, the liquid materials were mixed and
stirred by the actions of acoustic streaming and transient cavitation in liquid material
solidification, which promoted the dissolution of TiC(O) and the precipitation of refined
TixCy(P). In the TiC-TMC coatings fabricated by LDED without ultrasonic vibration, TiC(O)
particles preferred to aggregate in a titanium matrix. In contrast, the process with ultrasonic
vibration could significantly reduce the TiC(O) aggregation by decreasing the amount of
TiC(O) and improving the distribution. In addition, extra heat energy was generated by
the ultrasonic vibration assistant, which could increase the bonding quality and reduce the
fabrication defects. The improved TiC(O) aggregation and fabrication defects were effective
in enhancing the microhardness and wear resistance of the ultrasonic vibration-assisted
LDED fabricated TiC-TMC coatings.

With the increase of TiC content, the phase transformation from the TiC(O) phase to
the TixCy(P) phase was suppressed. The major reason was that the higher TiC content
suppressed the further dissolution of TiC(O) in liquid titanium. At a high content of
TiC, there were more undissolved TiC(O) particles existing in the TiC-TMC coatings after
the fabrication, which aggravated the reinforcement aggregation. In addition, the higher
TiC content exacerbated the generation of a lack of fusion defects as the TiC powders
needed more energy to be melted than Ti. The generation of both the TiC(O) aggregation
and fabrication defects decreased the mechanical properties of microhardness and wear
resistance of the TiC-TMC coatings with a higher TiC content.
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Abstract: In orthopedic oncology, revisional surgery due to mechanical failure or local recurrence
is not uncommon following limb salvage surgery using an endoprosthesis. However, due to the
lack of clinical experience in limb salvage surgery using 3D-printed custom-made implants, there
have been no reports of revision limb salvage surgery using a 3D-printed implant. Herein, we
present two cases of representative revision limb salvage surgeries that utilized another 3D-printed
custom-made implant while retaining the previous 3D-printed custom-made implant. A 3D-printed
connector implant was used to connect the previous 3D-printed implant to the proximal ulna of
a 40-year-old man and to the femur of a 69-year-old woman. The connector bodies for the two
junctions of the previous implant and the remaining host bone were designed for the most functional
position or angle by twisting or tilting. Using the previous 3D-printed implant as a taper, the 3D-
printed connector was used to encase the outside of the previous implant. The gap between the
previous implant and the new one was subsequently filled with bone cement. For both the upper and
lower extremities, the 3D-printed connector showed stable reconstruction and excellent functional
outcomes (Musculoskeletal Tumor Society scores of 87% and 100%, respectively) in the short-term
follow-up. To retain the previous 3D-printed implant during revision limb salvage surgery, an
additional 3D-printed implant may be a feasible surgical option.

Keywords: extremity; revision; limb salvage surgery; 3D printing; customized; implant

1. Introduction

Custom-made implants for limb salvage surgery pre-date modular implants; how-
ever, their extensive manufacturing duration remains a major drawback [1]. Modular
endoprostheses are the most commonly-used implants that have been used to overcome
the disadvantages of early custom-made implants [1–3]. They can be used by orthopedic
oncology surgeons to provide surgical flexibility, and standardization of the implant pieces
facilitates manufacturing. However, there are anatomic sites where a modular endopros-
thesis cannot be used. Furthermore, the adjacent normal joint is often sacrificed during
reconstruction using the modular implant due to limited bone stock for implant fixation.
Recently, three-dimensional (3D)-printing has been introduced for medical applications,
wherein custom-made implants can be fabricated in a few days or weeks. These 3D-printed
custom-made implants have shown promising short- and mid-term surgical outcomes in
orthopedic oncology [4–7].

For limb salvage surgery of the long bones, the modular endoprosthesis system is
available for most anatomical locations. However, the 3D-printed custom-made implant
has advantages in long bone surgery for preservation of normal adjacent joints, and in limb
salvage surgeries for specific anatomical locations without an existing conventional tumor
endoprosthesis. When limb salvage surgery with a conventional endoprosthesis including
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an artificial joint is required, intercalary replacement with joint-saving of the long bone is
often possible with a 3D-printed custom-made implant.

Limb salvage surgery with an endoprosthesis is more vulnerable to mechanical failure
than implants for arthroplasty without replacement of a major bone defect [8–11]. One of
the concerns associated with custom-made implants is the higher probability of mechanical
failure as the implant design is not standardized [12]. While the mechanical strength of
the full solid-body implant fabricated by 3D-printing is comparable to those fabricated by
forged, wrought, or casting [13], the lattice structure, that is an intended porotic structure
to facilitate tissue integration around the implant, requires mechanical and clinical verifica-
tion [6,7,14]. In this situation, the biggest concern in practice is overcoming failure of bone
union or fracture of implant after performing limb salvage surgery with the 3D-printed im-
plant. As most 3D-printed custom-made implants are not modular but rather a single unit,
it is difficult to replace only the broken parts or those where the tumor has recurred nearby.

Herein, we present a surgical method that utilizes an additional 3D-printed implant in
revision limb salvage surgery to preserve the previous 3D-printed custom-made titanium
alloy implants in long bones.

2. Materials and Methods

Two representative patients underwent revision surgeries using a 3D-printed connec-
tor to connect the previous 3D-implant to the host bone. The reasons for revision surgeries
after the 3D-printed limb salvage surgeries were tumor recurrence and implant fracture.
The previous implants achieved bony union radiographically at the junctions between
the implant and the host bone, and neither patient underwent revision surgery due to
non-union at the junction. Rather than removing all implants, the revision surgeries were
performed in a manner that preserved the previous implant as much as possible. The
3D-printed customized implants were designed using the Materialise Interactive Med-
ical Image Control System (Materialise; Leuven, Belgium) and Magics 22 (Materialise;
Leuven, Belgium) and fabricated using an electron beam melting-type (EBM) 3D-printer
(ARCAM A1, Arcam AB, Mölndal, Sweden) with Ti6Al4V (Ti6Al4V-ELI Per ASTM 136).
The custom-made implant was created by the MEDYSSEY Company (Jecheon, Korea)
and certified by the Ministry of Food and Drug Safety. All study participants provided
informed consent, and the study design was approved by the appropriate ethics review
board (NCC2017-0129).

For the 3D-printed connector, two junctional parts for the previous implant and
remaining host bone were designed first. The connector body was subsequently designed
for the most functional position or angle by twisting or tilting. The junction to the previous
metal implants and the bodies were mainly solid structure, while the junction to the
remaining host bone partly had lattice structure for contact surface with the bone. The
lattice structure had 750 um pores [7,15]. The main concept of the 3D-printed connector is
that it mimics that of a modular prosthesis, with an assembly mechanism to insert one piece
into another (Modular Universal Tumor and Revision System, Implantcast, Buxtehude,
Germany; Global Modular Replacement System, Stryker, Kalamazoo, MI, USA). The
previous 3D-printed implant was tapered on the inside, and the 3D-printed connector
encased the outside of the previous implant. The 1.5-mm gap between the previous implant
and the new one was filled with bone cement. The metal artifact around the previous
3D-printed implant that was seen in the computed tomography (CT) images was removed
and smoothed as much as possible, though there was a risk of error during the modelling
process. For both patients, the design of the implant used in the first surgery was saved
as an STL file; in the CT images taken for the new implant, the previous implant part was
not modelled by dealing with metal artifacts but was replaced by fusion of the implant
design data.

The first patient reported here was a 40-year-old man who underwent treatment for a
desmoplastic fibroma, a locally aggressive intermediate tumor, in his forearm [14]. He had
undergone orthopedic surgery on the same side of both forearm bones and had used an
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external fixator for fracture fixation five years ago. It is not clear whether the tumor had
originated from the fracture site or had entered the screw holes of the previous external
fixator, but the tumor involved both forearm bones. There was no distant metastasis.
Bilateral limb salvage surgery for the forearm bones was performed using two 3D-printed
custom-made implants for the radius and the ulna (Figure 1A–E). One year postoperatively,
local tumor recurrence was detected at the proximal junction of the ulnar implant. The
radial implant showed good fixation in both proximal and distal junctions. The first revision
surgery was performed to remove the recurred tumor and to make a single forearm bone
by fusion of the proximal and distal remnant bones. However, fusion at the proximal part
failed and a second revision surgery was planned (Figure 1F–H).

Figure 1. Failure of the 3D-printed implants in both forearm bones [14]. (A) A preoperative plain
radiography and (B) gadolinium-enhanced T1-weighted magnetic resonance image showing desmo-
plastic fibroma arising from both forearm bones. (C) A graphic design and (D) photograph of
3D-printed implants. (E) A postoperative plain radiograph after limb salvage surgery. Photographs
showing (F) removal of the ulnar implant with a recurrent tumor and (G) a specimen. (H) Plain radio-
graphs showing immediate postoperative status after the first revision surgery (left) and mechanical
failure 4 months later (right).

The second representative patient was a 69-year-old woman who had chondrosarcoma
at the left distal half of the femur without distant metastasis. She had a limb length
discrepancy of 10 cm due to a childhood history of osteomyelitis in the contralateral femur.
The patient underwent limb salvage surgery using a 3D-printed customized implant for the
distal part of her right femur with retention of the natural knee joint, and acute shortening
of the right femur for partial correction of limb length discrepancy (Figure 2A–C). The
patient could ambulate independently three months postoperatively. However, six months
postoperatively, she slipped, and the proximal part of the implant was broken between
the implant body and the fixation plate. The unexpected implant fracture was analyzed
and the main causes of the fracture were stress concentration at the broken junction and
internal defects of the 3D-implant. The distal junction to the knee joint was well-fixed. The
first revision surgery was performed with additional dual plates with expectation of bony
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union or extracortical bone bridge to the porous structure of the implant body. However,
21 months later, mechanical failure occurred and a second revision surgery was planned
(Figure 2D–F).

Figure 2. Failure of the 3D-printed implants in the right distal femur. (A) A preoperative plain radiography and gadolinium-
enhanced T1-weighted magnetic resonance images showing chondrosarcoma in the right distal femur. (B) A graphical
design of the 3D-printed implant. (C) A preoperative (left) and postoperative teleradiogram (right) after limb salvage
surgery. (D) Photographs showing implant fracture at 6 months postoperatively. (E) Intraoperative photographs and
the removed broken proximal part. (F) Plain radiographs showing immediate postoperative status after the first revision
surgery (left) and another mechanical failure 21 months later (right).

3. Results

3.1. Forearm

For the patient who underwent single forearm bone surgery, the proximal part of the
previous radial implant and the proximal ulna needed to be connected while maintaining
the distal part, including the wrist joint. The wrist and hand function in the salvaged
forearm was normal; however, thumb extension was limited due to soft tissue adhesion
of the thumb flexor muscles. The elbow joint function was originally limited from 0 to
90 degrees due to radial head dislocation secondary to a childhood trauma. The proximal
part of the previous radial implant was half the cylindrical plate that originally wrapped the
proximal radial shaft. The junctional part of the 3D-printed connector up to the previous
radial implant was designed to have a metal insert replace the space of the original radial
shaft and the remaining half of the cylindrical plate from the opposite direction of the
previous implant. The second junctional part was designed for the proximal ulna near the
elbow joint, and this comprised two-thirds of a cylindrical plate with multiple holes for the
screws and suture. The functional position of the forearm rotation was set at 15 degrees
toward pronation from the neutral position. The body of the 3D-printed connector was
twisted to the functional rotational position (Figure 3A–D).

244



Metals 2021, 11, 707

Figure 3. Revision limb salvage surgery using 3D-printed connector in the forearm. (A) A photograph of the previous
3D-printed implant for the radius. (B) Graphic designs of the 3D-printed connector and (C,D) photographs of the 3D-printed
connector for single forearm bone surgery preserving the previous 3D-printed radial implant. Postoperative (E) plain
radiographs and (F) computed tomography reconstruction images after second revision surgery using the 3D-printed
connector. (G) A photograph showing functional position of the forearm during writing.

In the second revision surgery, the broken screws and the remaining part of the
proximal radius were removed. The wrist joint was stable after the first revision surgery,
and the host bones near the wrist were firmly bonded to the previous 3D-printed implant.
The proximal part of the previous 3D-printed implant and the ulnar remnant near the elbow
joint were fixed using the 3D-printed connector. The fixation between the old and new
3D-printed implants was achieved by winding three wires through a matched hole with
bone cement. The 3D-printed connector and the proximal ulna showed conforming stability
after inserting the bone into the implant, which was designed to sufficiently enclose the
bone and fixed using screws (Figure 3E–F). The patient recovered the original range of
motion of his elbow (0–90 degrees) at 10 weeks postoperatively and was able to write with
his forearm in the 15-degree pronation position (Figure 3G). The wrist and elbow function
were well-maintained without mechanical failure until the last follow-up at 26 months
after the second revision surgery. The Musculoskeletal Tumor Society (MSTS) score at the
last visit was 26 (87%).

3.2. Femur

For the patient who underwent revision surgery using the 3D-printed connector for
the femur, the femoral shaft of the previous implant body and proximal femur needed to
be connected while maintaining the distal part, including the knee joint. The knee joint had
an extension lag of 10 degrees due to acute shortening of the femur, though independent
ambulation without pain was possible. Furthermore, partial correction of the limb length
discrepancy led to an improvement in gait, and the left heel that did not touch the ground
during ambulation before the limb length correction, could touch the ground while walking
after the correction (Figure 4D). The junctional part of the 3D-printed connector to the
previous broken 3D-printed custom-made implant was a full cylinder that surrounded the
remaining previous implant. Another junctional part was designed as a one-third plate
with screw holes to fix the proximal femur near the hip joint. The body of the 3D-printed
connector was designed to restore the tilting angle of the femur from the mechanical axis
of the lower limb (Figure 4A,B).

245



Metals 2021, 11, 707

Figure 4. Revision limb salvage surgery using 3D-printed connector in the femur. (A) A graphic
design of the 3D-printed connector. (B) Photographs of the previous 3D-printed implant (duplicated),
broken implant (duplicated), and the 3D-printed connector. (C) Intraoperative photographs before
and after application of the 3D-printed connector. (D) Preoperative teleradiograph and photograph
showing the chondrosarcoma of the right distal femur and limb length discrepancy of 10 cm (left),
and final postoperative pictures (right). (E) Photographs showing normal knee joint function.

In the second surgery, all the metal plates and screws were removed, leaving the knee
joint below the shaft of the broken 3D-printed customized implant used in the first surgery.
The 3D-printed connector was connected by inserting the shaft of the previous 3D implant
into the 3D-printed connector. The gap between the old and new 3D-printed implant
was filled with bone cement. The remaining proximal femur on the hip side was fixed by
multiple screws. The patient resumed walking on crutches at 2 weeks after the second
operation and was able to walk without crutches without pain at 10 weeks postoperatively.
The range of motion of the knee joint was normal without extension lag (Figure 4C–E). At
10 months after the second revision surgery, the MSTS score was 30 (100%).

4. Discussion

When a megaprosthesis is fabricated by 3D printing, it is often difficult to implement
a modular-type; therefore, it is fabricated as a single mass. After limb salvage surgery
using a megaprosthesis, revision surgeries are often required for a variety of reasons,
including local recurrence and mechanical failure. One of the concerns regarding the
use of a 3D-printed customized implant in limb salvage surgery is that it makes revision
surgery difficult. In this study, an additional 3D-printed implant was introduced during
revision without removing all of the previously inserted 3D-printed implant. The surgical
results using the additional 3D-printed connector implant were acceptable in the short-term
follow-up.

The metal-to-metal fixation mechanism is still a problem in the 3D-printed implant.
The locking screw mechanism has not been introduced in 3D-printed implants as the
male and female screw threads are hard to implement due to insufficient precision and
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roughness of the electron beam melting-type 3D-printed product. Therefore, cemented
fixation to the intended gap between the implants was mainly utilized in these patients.

This study has some limitations. It was a preliminary study based on a small number
of patients with a short follow-up. Although the short-term surgical results were promising,
they are difficult to generalize. These results imply that the 3D-printed connector implant
is a surgical option to consider when revision surgery after previous limb salvage surgery
using a 3D-printed customized implant is needed, and retaining the previous 3D-printed
implant totally/partially would be beneficial. Regarding the mechanical property of
the 3D-printed implants, long-term follow-up clinical data and biomechanical data is
required. There was no serious mismatch between the 3D connector and previous implant
or remaining bone. However, deformation of the 3D-printed customized implant by
residual stress and contraction was not accurately measured in this paper.

In conclusion, to retain the previous 3D-printed implant during revision limb salvage
surgery, an additional 3D-printed implant may be a feasible surgical option.
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Abstract: In this study, a CoCrMo-based metallic alloy was manufactured using a 3D-printing
method with metallic powder and a laser-based 3D printer. The obtained material was immersed in a
simulated body fluid (SBF) similar to blood plasma and kept 2 months at 37 ◦C and in relative motion
against the SBF in order to mimic the real motion of body fluids against an implant. At determined
time intervals (24, 72, 168, 336, and 1344 h), both the metallic sample and SBF were characterized
from a physical-chemical point of view in order to assess the alloy’s behaviour in the SBF. Firstly,
the CoCrMo based metallic sample was characterized by scanning electron microscopy (SEM) for
assessing surface corrosion and X-ray diffraction (XRD) for determining if and/or what kind of
spontaneous protective layer was formed on the surface; secondly, the SBF was characterized by
pH, electrical conductivity (EC), and inductively coupled plasma mass spectroscopy (ICP-MS) for
assessing the metal ion release. We determined that a 3D-printed CoCrMo alloy does not represent
a potential biological hazard in terms of the concentration of metal ion releases, since it forms, in a
relatively short period of time, a protective CoCr layer on its exposed surface.

Keywords: 3D printing; powder metallurgy; simulated body fluid; biomaterial

1. Introduction

“Traditional” orthopaedic implants are titanium (Ti)-based alloys since they provide
a series of characteristics suitable for such applications. They can be used in hip joint
replacement, tibia rod, clavicle plate, etc. Nevertheless, there are other metallic alloys
used in orthopaedic implants that are not Ti based. Cobalt-chromium (CoCr)-based alloys
represent a viable solution and molybdenum (Mo) is often added to enhance the inner
structure in terms of increasing the ductility and strength of the alloy [1]. Although casting
and forging are, and continue to be, the main methods for obtaining both CoCr- and
Ti-based alloys for orthopaedic implants, 3D printing is gradually gaining its position
within this field. In recent years, 3D printing (both polymer and metal printing) has opened
several exciting possibilities to create customized orthopaedic implants [2]. There are three
rapid prototyping techniques used to produce metallic implants, i.e., selective laser melting
(SLM), electron beam melting (EBM), and laser engineered net shaping (LENS), and each
of them having their advantages and disadvantages. The SLM technique uses high power

Metals 2021, 11, 857. https://doi.org/10.3390/met11060857 https://www.mdpi.com/journal/metals

249



Metals 2021, 11, 857

lasers to melt metallic powders in order to achieve the required shape of the implant, while
the EBM technique uses a focused high-energy electron beam for direct solidification of
metal powders. The LENS technique creates a molten metal pool on a substrate, and then
the metal powder is injected [3]. A 3D printing process usually uses digital design software
and/or a 3D digital scanner in order to achieve the virtual version of the metallic implant
to be produced. Then, the obtained model is transformed into an .STL file format enabling
the exact spatial coordinates (xyz) of a model’s surfaces. Next, the model is “sliced” by
using another software, each “slice” being 25–100 μm thick. By stacking these “slices”, the
final shape of the implant is obtained. A 3D printer can use different types of materials
starting from various plastics to different metallic powder mixtures. About 50 metallic
alloys can be used in 3D printing and they are mostly Ti, Ni, Al, stainless steel, CoCr, etc.,
alloys and more than 80% of them are used as implants [4].

According to the ASTM standard F2792-12a [5], the SLM technique is classified as
powder bed fusion technology [6]. Therefore, in this paper, we describe the use of this
technique and characterize the obtained CoCr-based material used for implants. Thus,
an in vitro behaviour assessment of the obtained metallic material used for orthopaedic
implants has been performed during 60 days of immersion in a simulated body fluid (SBF)
similar to blood plasma.

For a metallic material to be suitable as biomaterial, it should meet a series of desired
properties ranging from mechanical (matching the material’s elasticity modulus with that
of the bone, high strength, high wear, corrosion resistance, etc.) to biocompatibility (not
toxic to environmental cells and tissues, quickly integrated in the body, etc.) [7,8].

CoCr-based alloys have higher wear resistance than Ti-based alloys; therefore, they
are especially used for implants that, over time are subjected to extensive wear, such as
hip joints, etc. Clinically, CoCrMo alloys are used the most, since they are the perfect
combination between high strength and high ductility, but the main drawback is their
high elasticity modulus, which may lead to greater stress in the bone. This drawback
may be overcome by 3D printing of CoCr-based alloys. Although EBM is the most used
technique for 3D printing of CoCr alloys [8], the SLM technique can also be used. When
prepared by using the SLM technique, Mo must be added to the powder since it enables
high temperature gradients during melting and subsequent rapid cooling and, especially,
it enables the formation of the fine granular structure of the implant [9].

Thus, it is possible to produce implants that have tailored mechanical properties [10]
but the issue of the material’s biocompatibility still remains. One of the main problems
is metal ion dissociation from the metallic material into the body fluids, which are in
close contact with the metal. It should be mentioned that corrosion is the most frequent
phenomena that occurs in the case of an implant and one of the most important ones to be
avoided. It is well known that, from a biocompatibility point of view, a suitable material
performs with an appropriate host response (e.g., minimum disruption of normal body
function) and does not cause any allergic and/or inflammatory response when placed
in vivo [11].

The first requirement of any material that is placed in the human body is that it
should be biocompatible and not cause any adverse reaction. Corrosion and surface oxide
film dissolution are the two mechanisms which introduce additional ions into the body.
Extensive release of ions from implants can result in adverse biological reactions. Corrosion
is the first consideration for a material of any type that is to be used in the body because
metal ion release takes place mainly due to corrosion of surgical implants [12]. The two
main corrosion types that often appear are spot and pitting corrosion, as described in [13,14].

In the particular case of orthopaedic implants, micro-motions are known to occur at
points of fixation, while corrosion is caused by the body fluids, which contain various
inorganic and organic molecules [15].

In this paper, we present the results obtained by immersing a CoCr-based 3D-printed
material in vitro (being the “next best thing”) into an SBF for 60 days at 37 ◦C with the
fluid being in relative motion against the material. We assessed the appearance of surface
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corrosion, metal ion dissociation, and the appearance of a spontaneous protective layer on
the exposed surface.

Considering that even a small concentration of metal ion release into the body could
be very aggressive due to their migration and accumulation in different organs, sometimes
far away from the point of release, it is important to quantify the concentration of ion
release in various environments; thus, ICP-MS investigations were conducted [16].

Material corrosion may lead to implant failure as [17] has assessed and may cause an
allergic and/or toxic response of the body.

A complete understanding of 3D-printed metallic implants is needed, nevertheless,
what has been assessed so far is genuinely promising. Some of the advantages of 3D-
printed implants as compared with the “traditional” manufactured ones, are highlighted
in [18], among them, we highlight the following: the final shape of the implant can be
obtained in a single phase of production; as many as needed can be produced, even if only
one piece; the mechanical properties are better than cast or forged implants; the design and
geometry can be as complicated as needed; porosity can be designed as needed for the
elasticity module to match that of a bone; and the pores can be designed to be opened or
inter-correlated in order to ensure maximum osseointegration.

2. Materials and Methods

The experimental part of this study was to manufacture a 3D-printed CoCrMo metallic
alloy that could be used for an orthopaedic implant. The CoCr alloy was chosen as a good
alternative to Ti-based alloys given its wear resistance [7]. Molybdenum was added to the
mixture in order to increase the ductility and to increase the strength of the alloy.

2.1. Method for Producing the CoCrMo Alloy
2.1.1. 3D Manufacturing

The metallic implant was manufactured using a selective laser melting (SLM) TruPrint
1000 (TRUMPF Inc., Ontario, ON, Canada) printer and CoCrMo metal powder (Starbond
CoS powder 30 from S&S Schefter GmbH, Mainz, Germany) within the 10–30 μm grain
size and with the chemical composition presented in Table 1.

Table 1. Chemical composition of the metallic powder.

Element Co Cr W Mo Other: C, Fe, Mn, N, Si

wt.% 59 25 9.5 3.5 Less than 1.5

For 3D manufacturing of the metallic implant, the following process parameters were
used: 90 W laser power, 600 mm/s laser speed, 20 μm layer thickness, and 55 μm laser spot.
An Ar (99.995%) flow system was used to reduce the oxygen level to less than 300 ppm.
The material was mechanically removed from the building platform and was tested in
a simulated body fluid solution without any post-processing operations. Moreover, its
hardness was measured to be 463.5 (HV 0.5). Then, the sample was polished by using a
rotating polishing machine, until its roughness dropped below 0.05 μm (N2). The used
polishing paper had a roughness varying from 240 to 1200. Then, the sample was surfaced
using diamond powder suspensions of 3 and 1 μm, respectively.

2.1.2. SEM Assessment

The micro-structural analysis was performed by using an FEI F50 Inspect (FEI Com-
pany, Brno, Czech Republic) with a magnification of 4000×, HV = 20.00 kV, WD 11.6 mm,
spot 3.0, and dwell of 30 μs. The method has been used to emphasize deep corrosion and
surface transformations of the metallic samples [17,19].
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2.1.3. Mass Variation Assessment

The aim of the mass loss/gain assessment was to determine, the corrosion rate and
correlated with XRD the formation of protective layer on sample’s surface.

2.1.4. XRD Assessment

The XRD analysis was conducted to establish if and/or what kind of oxides had
formed on the sample’s surface. A Bruker D8 Discover diffractometer (Bruker, Billerica,
MA, USA) was used. The diffractometer settings were as follows: primary optics used a
Cu tube (λ = 1.540598 Å) and a Göebel mirror, while secondary optics used a 1D LynxEye
detector (Bruker, Billerica, MA, USA). The plots were recorded at 0.04◦ angle and 1s/step
scanning speed. They were indexed using the ICDD Release 2015 database.

2.2. Method for Preparing the SBF

The SBF solution was prepared, as shown in [20]; it was an updated version of the
simulated body fluid submitted, in 2003, with detailed instructions for its preparation to the
Technical Committee ISO/TC 150 of the International Organization for Standardization as
a solution for in vitro measurements of implant materials. Table 2 shows the concentrations
of reagents to be used for 1 L of SBF. The SBF solution was prepared in the lab by mixing
extra pure substances procured from the market from WWR Chemicals. The sample was
immersed in the prepared SBF in an Erlenmeyer polypropylene (PP) recipient. The recipient
was immersed in a thermostatic bath equipped with a movable device that allowed a
frequency of 60 movements/minute with a distance of ±1 cm right/left in order to mimic
the relative motion of body fluid against an implant. A PP wire was used to ensure that the
sample was kept immersed in the SBF, however, did not come in contact with the recipient.

Table 2. Reagents for preparing the updated simulated body fluid [20]. (reprinted from ref. [20] with
permission from Elsevier).

Reagent Amount for 1 L of SBF

Sodium chloride 8.035 g

Sodium bicarbonate 0.355 g

Potassium chloride 0.225 g

Potassium phosphate dibasic tri-hydrate 0.231 g

Magnesium chloride hexahydrate 0.311 g

1M hydrochloric acid 39 mL

Calcium chloride 0.292 g

Sodium sulphate 0.072 g

Tris(hydroxyl-methyl) amino methane 6.118 g

2.2.1. PH and Electrical Conductivity Assessment

The pH and electrical conductivity characterizations were performed in order to
determine the redox phenomena that occurred and the variation of ions in the SBF. A
Mettler-Toledo pH/conduct meter (Mettler-Toledo, Greifensee, Switzerland) was used.

2.2.2. ICP-MS Assessment

Inductively coupled plasma mass spectrometry (ICP-MS) [21] was used for deter-
mining the concentration of metal ions dissociated in the SBF. A Dirac Elan II ICP-MS
spectrometer (Perkin-Elmer, Toronto, ON, Canada) was used.

3. Results and Discussions

The conducted experiments focused on both the material and the SBF. The surface
corrosion of the material was assessed by scanning electron microscopy (SEM), XRD to
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determine if and/or what kinds of oxides had formed on its surface while immersed,
and mass variation. The SBF was assessed by its pH, electrical conductivity variation,
and by ICP-MS analysis to determine the concentration of metal ion dissociated from the
metallic material.

In order to better assess the ion dissociation and surface corrosion, the protective
oxide layer of the sample was removed on one side and the exposed material was polished
until its roughness dropped below 0.05 μm (N2). All the above-mentioned assessment that
refers to the material was performed on the exposed surface.

3.1. Material Characterization
3.1.1. SEM Assessment

The SEM technique uses electrons for images; thus, it is considered to be the most
suitable technique for high-resolution imaging of surfaces. The basic principle is similar to
OM, but electrons are used instead of light, allowing a much higher magnification (higher
than 100,000×).

The aim of this type of assessment was to investigate even deeper the corrosion that
can occur on the surface. A magnification of 4000× was considered to be adequate in this
case, and therefore the SEM assessment was performed by means of this magnification
and the covered area was 80 μm × 80 μm. The analysis was performed on the exposed
surface, aimed at highlighting the formation of the protective layer as a replacement for
the layer removed.

The SEM images (Figure 1) show surface corrosion of the sample as pitting in the
first two weeks of exposure and, during the next two weeks, the formation of porous
structures. According to [22], this porous structure may not be pitting (a type of corrosion
that often appears) but porous single crystals of Cr2O3 and Co3O4. This hypothesis is
strongly supported by ICP-MS that does not show any increase in metal ions into the SBF
and pH and EC plots that show an increase in their values.

  
(a) Initial (b) 15 days 

Figure 1. Cont.
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(c) 30 days (d) 60 days 

Figure 1. SEM images showing surface corrosion of 3D-printed CoCrMo metallic implant during SBF exposure. (a) Initial
(0 h); (b) after 15 days; (c) after 30 days; (d) after 60 days.

Thus, the proposed formation mechanisms consist of Cr and Co ions, under the
influence of the acidic environment of the SBF (mainly due to HCl) forming porous single
crystals of Cr2O3 and Co3O4, as has been studied by [22].

The surface analysis was performed, as in [23], and showed that, during the first two
weeks of exposure, the material became porous due to the metal ion release into the SBF
and, as a direct consequence, the porous surface increased almost 150% (Figure 1b). In the
next two weeks, the formation of the oxide layer can be observed since most of the pores
shrink almost 60% (Figure 1c). In the second month of exposure, the formation of porous
single crystals of Cr2O3 and Co3O4 can be observed on the sample’s surface (Figure 1d).

3.1.2. XRD Assessment

An XRD assessment is usually used in materials science for determining the crystallo-
graphic structure of a material, and it is one of the most used techniques in the field. It uses
X-rays to irradiate the material. Firstly, incident X-rays are sent towards the material and
the reflected X-rays are measured in terms of intensities and angles.

In this study, X-ray diffraction (XRD) was used to establish if and/or what kind of
oxides formed on the sample’s surface. As stated before, a D8 Discover diffractometer
(Bruker, Billerica, MA, USA) was used for sample analysis.

Figure 2 shows the existence of a protective layer on the polished surface during
sample exposure to the SBF. On the basis of each sample’s composition, different oxide
layers form on the surface.

As shown in Figure 2, the cobalt-chromium (CoCr) protective layer, which is actually
an alloy, is formed on the sample’s surface. The layer does not have a crystalline structure
(peak dimensions are rather modest) but it is well represented leading to the conclusion
that it takes a while, but after its formation, the layer offers a protective interface between
the SBF and the metallic implant.
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Figure 2. XRD plot for the 3D-printed CoCrMo metallic implant.

3.1.3. Mass Variation Assessment

The mass variation assessment as shown in Figure 3 was conducted by a gravimetric
comparison of the sample’s mass. Thus, the sample was weighed at its initial state, and
then after 15, 30, and 60 days of exposure in the SBF. The aim of the assessment is to
highlight the mass loss and/or gain while the sample is in the SBF. On the one hand, mass
loss can be correlated with metal ion release, but this assessment is made by using ICP-MS,
as described in Section 3.2.2. On the other hand, mass gain may occur due to the formation
of metal oxides on the sample’s surface, as emphasized in Section 3.1.2.

 
Figure 3. 3D-printed CoCrMo metallic implants mass vs. immersion time variation.

3.2. SBF Characterization
3.2.1. SBF pH and Electrical Conductivity Assessment

The pH value refers to the hydrogen ion concentration in a solution. The hydrogen
concentration is closely related to corrosion phenomena, since a low pH value indicates
an acidic environment suitable for surface corrosion. In addition, electrical conductivity
shows the ion concentration in a solution; the higher the value, the higher the number of
ions that are dissociated.

Therefore, pH and electrical conductivity monitoring represent an important assess-
ment in order to evaluate the redox phenomena that occur while the sample is immersed
in the SBF.

It can be observed in Figures 4 and 5 that the variation of pH values and electrical
conductivity are closely interdependent, as well as with mass variation shown in Figure 3.
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Thus, observing the curve’s allure which indicates pH and EC variation during the im-
mersion period, in the first week of exposure, the SBF’s pH varies significantly while the
electrical conductivity increases. During this period, the sample gains mass due to the
formation of an oxide layer on its surface. Redox phenomena during the first week of
exposure are intense, as seen in Figure 4, and the concentration of metal ions is increased,
as can be observed in Table 3.

Figure 4. SBF pH vs. immersion time variation.

 

Figure 5. SBF electrical conductivity vs. immersion time variation.

Table 3. Measured metal ion concentrations in the SBF.

Element
Co (μg/L) Cr (μg/L) Mo (μg/L) Mn (μg/L)

Time

0 h—Initial 0 0 0 0
24 h 5.346 7.39 0.453 1.374
72 h 9.771 6.852 0.729 1.824
168 h 14.646 6.801 1.108 2.147
336 h 20.32 6.58 1.611 2.295
672 h 30.058 6.48 2.413 2.551

1334 h 30.325 5.149 2.598 2.145
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Furthermore, this trend continues during the second week of exposure when the sam-
ple’s mass decreases as metal ions are dissociated in the SBF, correlated with a continuous
increase in electrical conductivity and pH.

After the second week of exposure, the amplitude of redox phenomena diminishes, as
the protective layer forms on the sample’s surface.

The most probable hypothesis regarding the allure of the plots shown in Figures 3–5
can be described as follows: The newly formed oxide layers of Cr2O3 and Co3O4 are still
reacting to each other in order to form the protective layer of Co-Cr highlighted by the XRD
plot. Thus, O2 is released back into the SBD in its ion form and quickly reacts with ionic
H2 leading to a decrease in pH, observed in the last section of the plot shown in Figure 4.
Nevertheless, metal ions do not dissociate since ICP-MS measurements show this aspect.
In fact, Cr continues to be consumed since its concentration decreases (as shown in Table 3).
The sample’s mass decreases in the final interval of the plot shown in Figure 3, since O2 is
released from the initial oxide layers of Cr2O3 and Co3O4 and also due to the continuous
(even at slower rate) release of Co and Mo ions into the SBF.

3.2.2. Metal Ion Release Assessment

ICP-MS is a powerful method for determining trace metal in given environments, due
to its capability to measure very low concentrations of metal ions dissolved in fluids. This
approach is well known, widely used by various research teams, and reported in frequently
quoted scientific journals.

Basically, the ICP-MS method consist of determining the concentration of metal ions
in a given solution. Thus, as required by the experimental design, 50 mL of the SBF used
for sample immersion was collected and the solution was used for determining the nature
and concentration of metal ions that might have dissociated from the sample into the SBF.

Given the data provided by Table 1, the following metal ions were monitored: Co, Cr,
Mo, and Mn, since it is well known that large concentrations can lead to allergic and/or
toxic reactions.

Table 3 shows the variation of metal ions dissociated from the sample in the SBF
during the exposure period. Given the fact that the sample’s exposed surface is relatively
large, being almost impossible for a metallic implant to lose such a large area of protective
layer, the immediate effect is the high concentration of metal ions released into the SBF. The
aim of this assessment is to highlight the formation of a new protective oxide layer soon
enough after the implant’s surface is damaged (for various reasons, e.g., poor manipulation
during implant surgery, mechanical shock, etc.) and to assess the concentration of metal
ions dissociated into the SBF.

It can be observed that the formation of the oxide protective layer occurs after just
1 month of exposure. The correlation with pH, electrical conductivity, and mass variation
plots highlights the fact that 3D-printed CoCr-based alloy may be used as orthopaedic
implant. More mechanical and biocompatibility testing must be performed in the near
future, but steps forward have been made.

Even though the metallic sample used in this study had a protective film on its surface,
sample preparation removed it before immersing the sample in the SBF. It should be
mentioned that the exposed surface was 909.65 mm2, and based on this, the corrosion rate
and ion release rate could be calculated.

Table 4 shows the metal ion release rate from each sample and their corrosion rate.
The values can be calculated using the following formula:

ci =
mi, sol

mi,sample × S × 16
(1)

where ci is the ion concentration, mi,sol is the ion mass in solution, mi,sample is the ion mass
in sample, S is the exposed surface and, 16 is the number of weeks of exposure.
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Table 4. Calculated corrosion and ion release rates.

Sample
Corrosion Rate
{g/(mm2 Week)}

Ion Release
({mg/L}/(mm2 Week))

Co Cr Mo Mn W

3D-printed CoCrMo 6.87 e−5 1.4 e−5 5.13 e−5 1.5 e−5 14.9 e−5 10.3 e−5

The corrosion rate can be calculated by using the following formula:

Cr =
mm

mi × S × 16
(2)

where mm is the measured mass of the sample, mi is the initial mass of the sample, S is the
exposed surface and, 16 is the number of weeks of exposure

The corrosion rate is almost insignificant (e−5) since its measurement is grams over mm2

and week. Most implant materials are kept in the body for a maximum of 2 years (almost
100 weeks in bad cases), and the overall corrosion rate can be declared as 4.3‰. The more
important aspect is the release rate of Mn, but as Table 3 shows, this release is only in the
first 72 h of exposure, then, the trend is constant, and therefore it can be considered that
Mn turns passive.

As a comparison, Table 5 lists the maximal allowed concentrations in the human body
and the biological effects.

Table 5. Biological effects and maximal concentrations of metal ion accumulation in the human body.

Metal Effect

Nickel (Ni)

It is the main cause of contact dermatitis. The main biological parameter is the amount of metal released on
the skin during direct contact and exposure to human sweat.
The limit is 0.5 mg/cm2 x week, of which an insignificant part of Ni sensitive subjects will react.
It has a toxic effect by creating cellular lesions and large cellular cultures. It is dangerous for bones and
tissues, although less dangerous than Co or V, and it has cancer potency. The normal level of Ni in the
blood is 5 mg/L [1].

Cobalt (Co) Its function limits the role of vitamin B12 [1], by diminishing the adsorption of Fe in the blood stream [24].
The normal concentration of Co in human fluids is 1.5 mg/L.

Chromium (Cr)

It causes ulceration and central nerve system disorders [24]. The maximal concentration in the blood
stream should be 28 mg/L. Its compounds are adsorbed only after oral ingestion. Cr (III) is usually
deposited in reticular systems in the cell, while Cr (IV) can penetrate cellular membrane in both
directions [1].

Aluminium (Al) It provokes epileptic episodes and Alzheimer’s disease [24]. The maximal concentration in the blood
stream should be 30 mg/L.

Vanadium (V) It is very toxic in its elementary state [24], therefore, the maximum concentration should not exceed
0.5 μg/L.

Molybdenum (Mo)

It is an essential element use by specific enzymes. It is easily adsorbed through the intestines, and its
normal concentration in the blood stream should be 1–3 ppm. It is very toxic and sometimes lethal in large
doses, regular symptoms are diarrhoea, coma, heart failure, and inhibitor for some essential enzymes. In
addition, large concentration of Mo can interfere with Ca and P metabolism [1].

4. Conclusions

After being immersed for 60 days in a blood plasma SBF and having a large area
depleted from its protective oxide layer, the sample shows pitting corrosion in the first two
weeks of exposure which is visible by SEM.

Although the material has a large area in direct contact with SBF, a new protective
layer of CoCr alloy is formed relatively quickly, as highlighted by the XRD assessment.
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Nevertheless, during this period, metal ions are released in the SBF and the more concerning
ones are Co and Cr.

The pH, electrical conductivity, and sample mass variation give a general idea about
redox phenomena that occur.

A 3D printing technique was used for producing a CoCrMo-based alloy to be used as
an orthopaedic implant by using the SLM technique and the incipient conclusion is that
the produced CoCrMo alloy is suitable for such applications.

The concentration of metal ions dissociated from the biomaterial into the SBF solution
was assessed by using the ICP-MS technique, which highlighted that the concentration of
some metal ions varied during SBF solution exposure. The main conclusion is that those
ions form a protective layer on the sample’s surface mainly due to their reactivity and lead
to the passivation of the exposed surface, thus, minimizing the concentration of ions that
can dissociate into real body fluid.

Author Contributions: Conceptualization, R.M. and I.M.B.; methodology, R.M., L.C.C., R.E., and
G.S.; software, A.P. and G.S.; validation, R.M., I.M.B., and R.E.; analysis, L.C.C., A.T.C., G.S., T.B., and
E.P.; investigation, R.M., L.C.C., A.T.C., A.P., G.S., E.P., and T.B.; resources, R.M.; writing—original
draft preparation R.M., R.E., and G.S.; writing—review and editing, R.M., R.E., and G.S., funding
acquisition, R.M. All authors have read and agreed to the published version of the manuscript.

Funding: This research was carried out within POC-A1-A1.2.3-G-2015, ID/SMIS code P_40_422/105884, and
the “TRANSCUMAT” Project, grant no. 114/09.09.2016 (subsidiary contract no. 1/D.1.5/114/24.10.2017), a
project supported by the Romanian Minister of Research and Innovation.

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: Data sharing not applicable.

Conflicts of Interest: The authors declare no conflict of interest. The funders had no role in the design
of the study; in the collection, analyses, or interpretation of data; in the writing of the manuscript, or
in the decision to publish the results.

References

1. Baht, S.V. Biomaterials; Narosa Publishing House: New Delhi, India, 2002.
2. Benmassauod, M.M.; Kohama, C.; Kim, T.W.B.; Kadlowec, J.A.; Foltiny, B.; Mercurio, T.; Ranganathan, S.I. Efficiency of eluted

antibiotics trough 3D printed femoral implants. Biomed. Microdevices 2019, 21, 1–10.
3. El-Hajje, A.; Kolos, E.C.; Wang, J.K.; Malekaseedi, S.; He, Z.; Wiria, F.E.; Choong, C.; Ruys, A.J. Physical and mechanical

characterization of 3D-printed porous titanium for biomedical applications. J. Mater. Sci. 2014, 25, 2471–2481.
4. Attarilar, S.; Ebrahimi, M.; Djavanroodi, F.; Fu, Y.; Wang, L.; Yang, J. 3D printing technologies in metallic implants: A thematic

review of the techniques and procedures. Int. J. Bioprinting 2021, 7, 21–46. [CrossRef]
5. ASTM Standard F2792-12a Standard Terminology for Additive Manufacturing Technologies; ASTM International: West Conshohocken,

PA, USA, 2012.
6. Sing, S.L.; An j Yeong, W.Y.; Wiria, F.E. Laser and electron-beam powder-bed additive manufacturing of metallic imlants: A review

of processes, materials and design. J. Orthop. Res. 2016, 34, 369–385. [CrossRef]
7. Hussein, M.A.; Mohammed, A.S.; Al-Aqeeli, N. Wear characteristics of metallic biomaterials: A review. Materials 2015, 8,

2749–2768. [CrossRef]
8. Popescu, D.; Ene, R.; Popescu, A.; Cîrstoiu, M.; Sinescu, R.; Cîrstoiu, C. Total Hip Joint Replacement in Young Male Patient With

Osteoporosis, Secondary To Hypogonadotropic Hypogonadism. Acta Endocrinol. 2015, 11, 109–113. [CrossRef]
9. Prasad, K.; Bazaka, O.; Chua, M.; Rochford, M.; Fredrick, L.; Spoor, J.; Synes, R.; Tieppo, M.; Collins, C.; Cao, A.; et al. Metallic

biomaterials: Current chalanges and opportunities. Materials 2017, 10, 884. [CrossRef]
10. Gawlik, M.M.; Wiese, B.; Desharnis, V.; Ebel, T.; Willumeit-Romer, R. The effect of surface treatments on the degradation of

biomedical Mg alloys—A review. Materials 2018, 11, 2561. [CrossRef] [PubMed]
11. Eliaz, N. Corrosion of metallic biomaterials: A review. Materials 2019, 12, 407. [CrossRef]
12. Bidhendi, H.R.A.; Pouranvari, M. Corrosion study o metallic biomaterials in simulated body fluid. Metalurjia-MJoM 2011, 17,

13–22. [CrossRef]
13. Baino, F.; Yamaguchi, S. The use of simulated body fluid (SBF) for assessing material bioactivity in the context of tissue engineering:

Review and chalanges. Biomimetics 2020, 5, 57. [CrossRef]

259



Metals 2021, 11, 857

14. Petkovic, D.S.; Mandrino, D.; Sarler, B.; Horky, J.; Ojdanic, A.; Zehetbauer, M.J.; Orlov, D. Surface analysis of biodegradable
Mg-alloys after immersion in simulated body fluid. Materials 2020, 13, 1740.

15. Diomidis, N.; Mischler, S.; More, N.S.; Manish, R. Tribo-electrochemical characterization of metallic biomaterials for total joint
replacement. Acta Biomater. 2012, 8, 852–859. [CrossRef] [PubMed]

16. Popa, M.; Demetrescu, I.; Vasilescu, E.; Drob, P.; Ionita, D.; Vasilescu, C. Corrosion Resistance of Some Thermo-mechanically
Treated Titanium Bioalloys Depending on pH of Ringer Solution. Rev. Roum. Chim. 2009, 60, 241–247.

17. Nica, M.; Cretu, B.; Ene, D.; Antoniac, I.; Gheorghita, D.; Ene, R. Failure Analysis of Retrieved Osteosynthesis Implants. Materials
2020, 13, 1201. [CrossRef]

18. Wong, K.-C.; Scheinemann, P. Additive manufactured metallic implants for orthopaedic applications, Adv. In Metallic Biomateri-
als. Sci. China Mater. 2018, 61, 440–454. [CrossRef]

19. Available online: https://www.mee-inc.com/hamm/scanning-electron-microscopy-sem/ (accessed on 22 January 2021).
20. Marques, M.R.C.; Loedberg, R.; Almukainzi, M. Simulated biological fluids with possible applicaation in dissolution testing.

Technologies 2011, 18, 15–26.
21. Mirea, R.; Ceatra, L.; Cucuruz, A.T.; Ene, R.; Popescu, E.; Biris, I.; Cretu, M. Advanced experimental investigation of used metallic

biomaterials. Rom. J. Mater. 2019, 59, 138–145.
22. Dickinson, C.; Zhou, W.; Hodgkins, R.P.; Shi, Y.; Zhao, D.; He, H. Formation mechanism of porous single-crystal Cr2O3 and

Co3O4 templated by mesoporous silica. Chem, Matter. 2006, 18, 3088–3095. [CrossRef]
23. Gorji, N.E.; O’Connor, R.; Brabazon, D. XPS, XRD and SEM characterization of the virgin and recycled powders for 3D printing

applications. IOP Conf. Ser. Mater. Sci. Eng. 2019, 591, 012016. [CrossRef]
24. Aksakal, B.; Yildirim, Ö.S.; Gul, H. Metallurgical failure analysis of various implant materials used in orthopedic applications.

J. Fail. Anal. Prev. 2004, 4, 17–23. [CrossRef]

260



metals

Article

Fatigue Assessment of Selective Laser Melted Ti-6Al-4V:
Influence of Speed Manufacturing and Porosity

Unai Segurajauregi 1, Adrián Álvarez-Vázquez 2, Miguel Muñiz-Calvente 2,*, Íker Urresti 1 and Haydee Naveiras 1

Citation: Segurajauregi, U.;

Álvarez-Vázquez, A.;

Muñiz-Calvente, M.; Urresti, Í.;

Naveiras, H. Fatigue Assessment of

Selective Laser Melted Ti-6Al-4V:

Influence of Speed Manufacturing

and Porosity. Metals 2021, 11, 1022.

https://doi.org/10.3390/met11071022

Academic Editors: Atila Ertas, Adam

Stroud and Matteo Benedetti

Received: 3 May 2021

Accepted: 22 June 2021

Published: 25 June 2021

Publisher’s Note: MDPI stays neutral

with regard to jurisdictional claims in

published maps and institutional affil-

iations.

Copyright: © 2021 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

1 Ikerlan Technology Research Centre, Basque Research and Technology Alliance (BRTA),
Paseo J.M. Arizmendiarrieta 2, 20500 Arrasate-Mondragon, Spain; usegurajauregi@ikerlan.es (U.S.);
iurresti@ikerlan.es (Í.U.); nphaydee@gmail.com (H.N.)

2 Department of Construction and Manufacturing Engineering, University of Oviedo, 33203 Gijón, Spain;
alvarezvadrian@uniovi.es

* Correspondence: munizcmiguel@uniovi.es

Abstract: Additive Manufacturing represents a promising technology as an alternative to the con-
ventional manufacturing process, with rapid and economic product development, as well as a
significant weight reduction and a freeform design. Although the mechanical properties of additively
manufactured metals, such as the Ti-6Al-4V alloy, are well-established, a complete understanding
of the fatigue performance is still a pending aspiration due to its inherent stochastic complexity
and the influence of several manufacturing factors. This paper presents a study of the influence
of speed manufacturing and porosity in the fatigue behaviour of a Ti-6Al-4V alloy. To this aim,
a numerical simulation of the expected porosity at different laser velocities is performed, together
with a simulation of the residual stresses. These numerical results are compared with experimental
measurements of residual stresses and a qualitative analysis of the porosities. Then, fatigue strength
is experimentally obtained for two different laser speeds and fitted by a probabilistic model. As a
result, the probabilistic S–N fields for different laser velocities are found to be similar, with scatter
bands nearly coincident, drawing the conclusion that this effect is negligible in comparison with other
concurrent ones, such as roughness or surface defects from manufacturing conditions, promoting
crack initiation and premature fatigue failure.

Keywords: additive manufacturing; fatigue; titanium; selective laser melting

1. Introduction and Motivation

Additive Manufacturing (AM), formerly known as Rapid Prototyping (RP) (see ASTM
F2792-12a [1]), has undoubtedly been increasing over the last two decades as a technol-
ogy that is disrupting current manufacturing processes, and attracts interest from both
industrial and academic perspectives [2–5]. Known also as 3-D printing, AM consists of
a progressive consolidation of raw materials, such as powder or wire, in a layer-by-layer
fashion, in an opposite approach to traditional manufacturing processes, which are typi-
cally based on machining block parts, that is, the subtraction or removal of material [6].
Moreover, this novel technology has several important advantages compared with tradi-
tional methods: an agile development product from Computer Aided Design (CAD) to
fabrication; a significant reduction of weight in the final design (with potential reductions
of up to nearly 50% [6,7]); and a geometric freedom that allows the production of parts
otherwise not possible with conventional methods. Additionally, AM may lead to the
reduction of carbon emissions compared with traditional manufacturing processes, due to
the use of lighter weight parts [6,8].

Polymeric materials were originally preferred for producing additively manufactured
parts [5], but nowadays both non-metallic (composites, ceramics) and metallic materials
are usually employed. The titanium (Ti) alloys, in particular, are of great interest because
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of their increasing use in the aerospace industry due to their weight saving, operating tem-
perature, corrosion resistance and compatibility with biological and composite materials.
Unfortunately, their higher cost compared with other alternatives hitherto represents the
most important limitation [6,9–12].

Three different technologies were developed to produce metal additively manufac-
tured parts: Laser Beam Melting (LBM), Laser Metal Deposition (LMD) and Selective Laser
Melting (SLM), the latter being the most commonly used [13,14]. In this process, the energy
of the laser source is applied to melt powder, as a raw material, within a powder-bed layer.
Then, the 3D geometrical design is built up by recoating a new powder-layer and subse-
quent melting [5]. Nowadays, these manufacturing technologies for developing structural
alloys are particularly useful, since the intrinsic heat can be directly used to trigger the
chemical reactions, such as those implied in precipitation hardening alloys [15,16].

There are different works in the literature that have focused on researching the in-
fluence of different additive manufacturing parameters on the fatigue performance of
Ti-6Al-4V, such as the microstructure, the build direction, the residual stresses and the
porosity. In the first case, Nalla et al. [17] have investigated the influence of the microstruc-
ture on both bimodal and coarser lamellar types, concluding that the latter improved the
fatigue behaviour in the HCF zone, whereas Thijs et al. [18] studied the influence of the
scanning parameters and scanning strategy on the microstructure during the SLM process.
In the second case, Edwards et al. [6,19] presented a study on the effect of the build direc-
tion, revealing that the cracks oriented perpendicular to the build layers provide enhanced
fatigue crack growth behaviour. Regarding the residual stresses, several researchers [20,21]
have found that a high temperature pre-heating during the additive manufacturing process
may reduce thermal gradients. Lastly, [22] evidenced that the failure initiation in SLM or
EBM manufactured titanium alloys is governed by porosity and lack of fusion. Neverthe-
less, previous works have not investigated the influence of speed manufacturing, which
would be conducted with different porosities and could imply different fatigue behaviours.

The aim of this paper is to study the influence of different laser velocities on the
porosity of additively manufactured specimens of the Ti-6Al-4V alloy and to evaluate the
fatigue performance associated with those porosities. Firstly, numerical simulations were
developed to study the expected porosity considering different laser velocities, together
with residual stresses inherent to the manufacturing process. Secondly, these numerical re-
sults were compared with experimental measurements of residual stresses and a qualitative
analysis of the porosities. Thirdly, a tensile test was conducted on specimens produced at
two different laser velocities in order to evaluate its influence on the mechanical properties.
After that, a fatigue experimental campaign was carried out on specimens at two different
laser speeds and the results were evaluated according to a probabilistic S–N model devel-
oped by [23], contrary to the fatigue assessment methodologies performed in the literature,
based on deterministic S–N models [24–26], through the inherent and non-negligible scatter
titanium fatigue tests [6,27–31].

The paper is structured as follows: in Section 2, the material and methods employed
in this study are detailed, including the material and geometry selected (Section 2.1),
the manufacturing conditions (Section 2.2) and the experimental procedures followed in
the testing (Section 2.3). Section 3 details the numerical study of the porosity and the
residual stresses together with the experimental results obtained. Section 4 is focused on
both the tensile (Section 4.1) and fatigue characterization of two different laser velocities
(Section 4.2). Section 5 presents an interpretation of the experimental results and, finally,
Section 6 summarises the main conclusions drawn from this work.

2. Materials and Methods

This section describes the material and geometry of the specimens to be used in the
experimental campaign in this work. Then, the manufacturing conditions are also detailed,
distinguishing different batches of samples fabricated for porosity, tensile and fatigue
characterization. Finally, the experimental testing procedures are exposed.
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2.1. Material and Geometry

The specimens were produced using the SLM technique employing a titanium-based
alloy, Ti-6Al-4V. The dimensions of the specimen are indicated in Figure 1. Note that the
build direction Z-axis is indicated, starting at the support.
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Figure 1. Dimensions (in mm.) of the Ti-6Al-4V specimens with build direction in Z and the support.

2.2. Manufacturing Conditions

All the specimens were provided by the manufacturer Optimus3D (Vitoria–Gasteiz,
Spain) in the same orientation. The SLM parameters selected are detailed in Table 1.
Three different batches of additively manufactured Ti-6Al-4V samples were produced with
the following purposes:

− Batch 1: Porosity characterization. Fourteen specimens were fabricated with 7 different
velocities to evaluate their influence on the porosity (2 samples per velocity):

{
800,

1100, 1200, 1300, 1500, 1700, 1900
}

mm/s.
− Batch 2: Tensile characterization. Two specimens were manufactured with laser

velocities of 1200 and 1900 mm/s (1 sample per velocity) for tensile characterization
of the material.

− Batch 3: Fatigue characterization. Fifteen specimens were manufactured with laser
velocities of 1200 (7 samples) and 1900 mm/s (8 samples) for fatigue characterization.

Table 1. SLM parameters selected.

Layer Thickness Hatch Spacing Power
.[mm] [mm] [W]

0.03 0.1 200

2.3. Testing and Characterization Procedures
2.3.1. Porosity Measurement Procedure

The samples from Batch 1 were sliced using a diamond disc cutter by removing a layer
thickness of no less than 1 mm, in order to avoid the effect of the cutting process on the
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microstructure. Silicon carbide papers with different grades of 80, 240, 600, 1200 and 2500
(in this order) were used for the grinding with a continuous water stream for flushing the
loose and abrasive particles. Then, a manual polishing process was applied to the surfaces
using a diamond suspension of 9, 3 and 1 microns of particle size on a Remet LS1.

It is worth mentioning that neither the heat treatment nor the machining process were
conducted on specimens before the experimental campaign, since the aim of this work was
to study only the laser velocity, that is, without any additional varying concomitant effect
that could mislead the interpretation of the experimental results. After that, the porosity
was qualitatively analysed using both optical and scanning electron microscope (SEM).
The entire surface of the specimens was analyzed with a resolution of 500 μm in order to
identify the zones with larger pores. After that, different scanning zooms (10 and 50 μm)
were applied to focus on the zones where pores had been observed. In cases where the
resolution of 500 μm was not enough to identify pores in any part of the specimen, 50 μm
was used to check the entire surface. It is important to remark that smaller pores could
not be identified by the applied resolution. Still, the authors assumed that the influence of
those pores on the fatigue life could be disregarded, compared to the pores identified in
this study.

2.3.2. Residual Stresses Measurement Procedure

The measurement of the residual stresses was performed by way of the hole drilling
strain gage method according to ASTM E837–13a [32] using an MTS-300 RS measurement
machine supplied by SINT Technology, as can be seen in Figure 2. The parameters selected
included a drilling speed of 0.2 mm/min, a drill delay of 2–3 s and an acquisition delay set
to 5–10 s. The RESTAN software (SINT Technology) was used to obtain the residual stresses.

Figure 2. Strain gage method in hole drilling for measurement of residual stresses.

2.3.3. Tensile and Fatigue Characterization Procedure

The tensile tests were developed according to EN 2002 [33]. A strain rate of 0.05 mm/min
was used for yield stress σys at 0.2 % and 2 %/min for tensile strength σr. The displacement
was measured using DIC equipment.

The fatigue tests were conducted for sinusoidal load at R = 0.1 and at ambient
temperature, according to ASTM E466-07 [34], at a frequency of 6 Hz with stress ranging
from 100 to 600 MPa, in a servohydraulic MTS Bionix. As previously mentioned, a total of
7 samples were tested for laser velocity v = 1200 mm/s and 8 samples for laser velocity
v = 1900 mm/s.
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3. Study of Porosity and Residual Stresses

This section presents the results obtained from numerical and experimental studies
related to the estimation and measurement of specimens porosity and residual stresses.

3.1. Numerical Study: Expected Porosity and Residual Stresses

Two different numerical studies were conducted: a porosity simulation for each of
the different laser velocities considered in Batch 1, and a finite element simulation for the
estimation of the residual stresses.

In the first case, the tool known as “Additive Science”, from the Additive Suite
developed by ANSYS [35], was used to simulate the expected porosity with different laser
velocities. The following constraints in the dimensions of the melt pool were introduced as
an input (see Figure 3):

− Reference depth (D ≥ 0.045). It ensures that half of the third layer is passed in the
material fusion.

− Ratio depth/width (D/W < 0.95). It ensures the depth is nearly the same as the width.
− Ratio length/width (L/W < 4). It ensures the length is not larger than the width.

W
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Z
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Figure 3. Dimensions of the melt pool.

Based on the constraints on the melt pool, the geometrical mean results provided by
Additive Science for each velocity are summarised in Table 2.

Table 2. Numerical results of the geometrical dimensions of the melt pool for different velocities.

Scan Speed D L W
[mm/s] [mm] [mm] [mm]

800 0.115 0.447 0.157
1100 0.082 0.446 0.136
1200 0.074 0.442 0.130
1300 0.067 0.439 0.125
1500 0.056 0.428 0.115
1700 0.047 0.417 0.108
1900 0.039 0.400 0.101

Once the dimensions of the melt pool had been estimated, the software provided the
expected porosity for each of the different laser velocities considered, as shown in Table 3,
together with the corresponding energy density in the SLM process. The porosity was
directly estimated by ANSYS as a function of the energy density applied, which depends
on the power, velocity and the dimensions of the melt pool. It is also worth mentioning
that this software only considered the porosity that was due to a lack of fusion, which was
predominant at high velocities, and the porosity that was due to spherical vaporization was
discarded. Then, in order to identify the kind of porosity to be experimentally found, the
causal relationship between the energy density and the kind of porosity proposed by Dilip
et al. [36] was used: spherical pores correspond with energy density >60 J/mm3, a lack of
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pores (or completely net) corresponds with energy density in the interval 55–60 J/mm3

and sharper pores correspond with energy density <55 J/mm3. Then, according to these
limits, only the velocity 800 mm/s was expected to produce spherical pores, but with a
lower percentage of porosity. On the contrary, those velocities higher than 1300 mm/s were
expected to give sharper pores, with the porosity percentage increasing as much as the
velocity increases. According to the simulation performed and the results obtained, middle
velocities ranging from 1100 to 1200 were not expected to produce pores, but completely
net structures. Finally, it is worth mentioning that the values reported in Table 2 regarding
the percentage of porosity are not related to experimental measurements, but to results
obtained by the Additive Suite tool developed by ANSYS, in combination with the work
reported by Dilip et al. [36], which studied the influence of processing parameters on
the evolution of melt pool and porosity in Ti-6Al-4V alloy parts fabricated by selective
laser melting.

Table 3. Numerical results of the porosity simulations for different velocities.

Scan Speed Energy Density Porosity
.[mm/s] [J/mm3] [%]

800 83.33 0.00
1100 60.61 0.00
1200 55.56 0.00
1300 51.28 0.00
1500 44.44 0.01
1700 39.22 0.08
1900 35.09 0.36

In the second case, the Additive Science tool allowed the residual stress to be nu-
merically simulated, as can be seen in Figure 4, where the equivalent von Mises stress is
depicted along the sample.

Figure 4. Residual stresses simulated upon the removal of the support.
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3.2. Experimental Results
3.2.1. Porosity

The porosity was qualitatively analysed using both optical and scanning electron
microscopes (SEM) for each of the laser speeds considered in Batch 1, as can be seen in
Figure 5. As is well known, the geometrical forms of the pores are expected to be heteroge-
neous depending on the laser velocity, which occurred in this case; ranging from spherical
(Figure 5a) at low velocities and high laser power, to irregular and sharper (Figure 5d–f)
for large velocities and low laser power, which is in accordance with the simulated results
in Section 3.1. The former are known to be caused due to improper settings or processing
parameters [12,37,38], while the latter are usually related in the literature to the argon gas
entrapped during the manufacturing process [39–41]. Furthermore, the middle velocities
were expected to produce a negligible porosity in comparison with the other velocities (see
Table 2), which is corroborated in the micrographs in Figure 5b,c).

a) b)

d) e)

a)a)a) b)b)b)b)(a)

(c) e)e))e)e))e)ee))e)e)e)e)e)e)e)e)e)e)e)

(b)

(d)

(e) (f)

Figure 5. SEM micrographs for different laser velocities: (a) v = 800 mm/s, (b) v = 1100 mm/s,
(c) v = 1200 mm/s, (d) v = 1500 mm/s, (e) v = 1700 mm/s, (f) v = 1900 mm/s.

3.2.2. Residual Stress Measurement

Figure 6 illustrates the experimental results of the maximum and minimum residual
stresses along the distance for both velocities considered in Batch 1. The maximum values
of the residual stresses for the higher velocity evolve steadily along the distance, while
for the lower velocity, a peak is present at the 0.1 mm distance. The same behaviour is
observed in the case of minimum residual stress but at a lower order of magnitude. In
general terms, there is an inverse trend between the development of residual stresses and
the laser speed, that is, the values for both maximum and minimum residual stresses are
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higher for the larger velocity until a certain distance of almost 0.6 mm, where both trends
tend to be equal.
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Figure 6. Experimental values of maximum and minimum residual stresses for two different laser
velocities: v = 1200 mm/s and v = 1900 mm/s.

4. Study of Tensile and Fatigue Behaviour

Once the study of the expected porosity and residual stresses and its comparison
with the experimental results was performed, the tensile and fatigue characterization was
conducted, and is now described in this section.

4.1. Tensile Behaviour

Engineering stress–strain curves for both velocities considered in Batch 2 are illustrated
in Figure 7. As can be seen, the linear-elastic regime is approximately the same in both cases,
but with a larger yield strength the lower the laser speed. In the plastic zone, however,
the samples manufactured at a lower laser velocity produce a better tensile performance
for the same strain value. Table 4 summarises the mechanical constants of the additively
manufactured specimens for both velocities.

v1 = 1200 mm/s

v2 = 1900 mm/s
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Figure 7. Engineering stress vs. strain curves for Ti-6Al-4V for two velocities: 1200 and 1900 mm/s.

Table 4. Tensile properties for additively manufactured Ti-6Al-4V obtained from the stress–strain
curves in Figure 7.

Velocity (mm/s) σys (MPa) σr (MPa) ε f (%)

1200 1068.62 1158.96 6.12
1900 990.69 1114.76 6.58
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4.2. Fatigue Behaviour

Finally, the fatigue assessment of manufactured Ti-6Al-4V samples from Batch 3 was
conducted according to the probabilistic model developed by [23]. In this model, the
p-percentile curves in the S–N field are given as the following Weibull distribution:

p = 1 − exp

[
−
(
(log Δσ − C)(log N − B)− λ

δ

)β
]

, (1)

with B as the horizontal asymptote for the stress, that is, the fatigue strength, C as the
vertical asymptote for the lifetime, that is, no fatigue failure will occur below this limit,
and λ, δ and β as the location, scale and shape Weibull parameters, such that (log Δσ −
C)(log N − B) > λ.

Figure 8 depicts the estimated S–N fields for both velocities considered in this batch,
which were estimated easily with ProFatigue software [42]. As can be seen, the inherent
scatter of fatigue results is non-negligible, thus a probabilistic model is more suitable than a
deterministic one. The fatigue performance on both velocities exhibits the same behaviour
with no differences in the lifetime cycle for different given stress ranges, and the scatter
bands are approximately similar. For this reason, speed manufacturing seems to not have a
significant effect on the fatigue performance of additively manufactured Ti-6Al-4V.
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Figure 8. Resulting S–N curves from the Castillo–Canteli model for Ti-6Al-4V with velocities
1200 mm/s and 1900 mm/s.

Finally, the experimental campaign retrieved from [6], corresponding with a lower
laser velocity of v = 200 mm/s, was also estimated according to the Castillo–Canteli model
and is superposed in Figure 9 for comparison purposes. As a result, a wide range of laser
speeds were considered from 200 to 1900 mm/s, providing robustness to the final conclu-
sions drawn from this work. Indeed, though having a lower laser velocity, the resulting
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S–N field is approximately the same with both previous velocities at 1200 and 1900 mm/s,
enhancing the conclusion that there was a negligible effect on the fatigue performance.
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Figure 9. Comparison of S–N fields for different laser velocities: v = 200 mm/s (data from Edwards
and Ramulu [6]), v = 1200 mm/s and v = 1900 mm/s.

5. Discussion

In this work, different laser speeds were considered in additively manufactured Ti-6Al-
4V alloy to evaluate their influence on the fatigue performance, where any other additional
concurrent effect was avoided (heat treatment, machining surfaces, etc.). The experimental
fatigue results were estimated according to a probabilistic model developed by [23], and
the resulting S–N curves were approximately the same with the scatter bands being nearly
coincident. In other words, the laser speed effect is negligible and no influence is found
on the fatigue lifetime of Ti-6Al-4V specimens. Then, in order to enhance this conclusion,
an external experimental campaign retrieved from [6]—at a lower velocity from those
previously considered, that is, v = 200 mm/s—was also estimated and compared with
previous results. Though having a wide range of laser velocities, from 200 to 1900 mm/s,
the resulting S–N fields are approximately the same and the scatter bands are nearly
coincident. However, this evidence does not allow for the conclusion that the effect of laser
speed is negligible in terms of the fatigue lifetime of the specimens, since other concurrent
effects could be covering the effects associated with the laser velocity and misleading
the conclusions. The authors postulate that the high surface roughness obtained in the
additive manufacturing process (Ra = 3.27, Rz = 15.83), together with the few differences
in porosities depending on both laser speeds, lead to all cracks originating from the surfaces
of the specimens, misleading conclusions about the potential effects of the porosities on the
fatigue lifetime. Future work could consider the prior polishing of the specimens in order
to improve the surface roughness, thus inducing the failure to occur from the pores.

The authors want to remark that the tensile and fatigue properties presented in
this paper are related to only one SLM building direction. Taking into account that the
material properties of metals manufactured by SLM cannot be considered isotropic—
that is, dependent on the testing direction—the conclusions of this paper must be taken
into consideration only for the manufacturing direction in which the specimens were
made, since different results could be achieved for other directions. Furthermore, the
relationship between speed manufacturing and the resulting mechanical properties is not
straightforward in additively manufactured samples, as other variables are implied, such
as the melt pool depth and temperature required for complete melting or evaporation; the
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effects of these variables were not considered in this study but are proposed as the basis for
further work.

6. Conclusions

− The experimental values of the residual stresses increase for lower laser speeds for
both maximum and minimum values.

− The expected porosity was simulated for different laser velocities, establishing limiting
energy densities to identify the kind of pores: spherical, sharper or absent.

− The porosity was qualitatively analysed for seven different velocities, corroborating
that, for lower speeds, the pores are spherical while for larger speeds they are sharper
and more irregular. On the contrary, for middle velocities no pores were detected.

− Tensile experimental results at two different laser speeds showed an influence on the
mechanical properties of Ti-6Al-4V alloys, especially in the plastic regime.

− A probabilistic model was used to estimate the fatigue lifetime for two different
velocities, concluding that this effect is negligible in comparison with other concurrent
variables, such as surface defects or roughness.

− The influence of speed manufacturing will only be non-negligible when other con-
current effects, such as those caused by the machining process or heat treatments, are
softened or relaxed.
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Abstract: In this study, direct laser deposition (DLD) of nickel-based superalloy powders (Inconel 625)
on structural steel (42CrMo4) was analysed. Cladding layers were produced by varying the main
processing conditions: laser power, scanning speed, feed rate, and preheating. The processing win-
dow was established based on conditions that assured deposited layers without significant structural
defects and a dilution between 15 and 30%. Scanning electron microscopy, energy dispersive spec-
troscopy, and electron backscatter diffraction were performed for microstructural characterisation.
The Vickers hardness test was used to analyse the mechanical response of the optimised cladding
layers. The results highlight the influence of preheating on the microstructure and mechanical
responses, particularly in the heat-affected zone. Substrate preheating to 300 ◦C has a strong effect on
the cladding/substrate interface region, affecting the microstructure and the hardness distribution.
Preheating also reduced the formation of the deleterious Laves phase in the cladding and altered the
martensite microstructure in the heat-affected zone, with a substantial decrease in hardness.

Keywords: direct laser deposition; Inconel 625; parametrisation; microstructure; microhardness;
preheating

1. Introduction

The laser-based additive manufacturing (LBAM) technologies applied in the produc-
tion and repair of industrial components emerged in the late 1990s. Their use continues
to extend to many industrial sector applications for components that operate in extreme
conditions. LBAM technologies are unique and versatile in the manufacturing of parts with
complex geometry, functionally graded or customised, producing an improvement in prop-
erties that can be used for a variety of industrial applications, such as within the aerospace,
metallurgy, energy, and automotive industries [1,2]. Direct laser deposition (DLD) is an
LBAM technology used for the additive manufacturing of metal parts, reconstructions,
and repairs. DLD consists of the supply, through a nozzle, of metallic powder (or wire)
processed by a focused laser, creating a melt pool on the surface of a metallic substrate.
Several processing variables directly or indirectly affect the quality and structural integrity
of components, dictated by solidification and metallurgical bonding [3].

DLD involves interactions between the laser beam, powder, and substrate in an en-
vironment with local protection from inert gas. Laser power, scanning speed, beam size,
and powder feed rate are parameters that play a dominant role in cladding geometry
(height, width, and length), dilution, and metallurgical properties. Clad overlapping,
gas flow rate, powder flow profile, powder quality (size, shape, and density), and preheat-
ing are important secondary parameters [4,5].
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The success of DLD depends on the selection of processing conditions that guarantee
an effective bonding of the deposited material. This proper bonding produces adequate
thermal delivery control, dense layers, a small heat-affected zone (HAZ), low dilution,
minimal distortion, and good surface quality, with an attractive set of mechanical prop-
erties as well as resistance to wear and corrosion [6–8]. A controlled DLD process can
replace conventional processes (i.e., electric arc welding and thermal spraying) in order to
repair industrial components. Traditional approaches present drawbacks in component
repairs, such as the time required, the limited thickness of the deposition layers, the low
metallurgical bond, the formation of porosities and cracks, and the distortion of substrates
(caused by overheating of the components). Therefore, it is of industrial interest to develop
high-efficiency and -precision repair technologies to increase component life.

This additive manufacturing technology is considered the best strategy for reconstruct-
ing and repairing damaged components in terms of environmental benefit and economic
feasibility. However, it is regarded as a complex process due to uncertainties in the quality
and reliability of recovered industrial components [9], requiring further investigation to
consolidate the results reported in this area. Although the equipment cost is high, DLD has
successfully repaired dies, moulds, turbines, and gears. Adaptability for automation,
ease of assembly of the laser on a CNC machine or robotic arm, and lower post-processing
requirements are additional advantages of the DLD process [10,11].

DLD still has a way to go for broader industrial applications. Theoretical and ex-
perimental studies have developed relevant information about DLD; however, there are
still many challenges, such as process optimisation, 3D reconstruction of highly complex
structures, and substrate preheating effects, which need to be clarified. The production of
wear-resistant claddings on low and medium carbon steel substrates is an application that
can have many industrial applications, both in component repair and protective coating
with a thick resistant layer.

Nickel-based superalloys are an excellent option for producing this wear-resistant
layer. These alloys have been adopted in multiple applications due to their properties,
such as mechanical behaviour at high temperatures, hardness, mechanical resistance,
and good fatigue resistance, creep, and corrosion [12,13]. These properties are conferred by
the structure and chemical composition of the alloy, mainly by elements such as molybde-
num (Mo) and niobium (Nb), which form a solid solution in a nickel–chromium matrix [14].
While conventional manufacturing with these high-performance alloys has been diffi-
cult due to excessive tool wear and low material deposition rates, LBAM technologies
can overcome these constraints, improving delivery times, and reducing manufacturing
costs [15].

The use of nickel-based superalloys in DLD must consider the high cooling rates of the
process, promoted by the localised thermal delivery induced by the laser beam, which can
lead to the formation of metastable phases and the segregation of elements. These mi-
crostructural effects reduce the toughness and hardness of the coated components [16–19].
Preheating (PHT) is essential to control the cooling rate, minimising this effect. Increasing
PHT temperature promotes the growth of the melt pool (depth and width), melting more
substrate, thus increasing dilution [20–24]. PHT also prevents cladding delamination or
cracking and reduces distortion and residual stresses due to the lower thermal gradient
between the cladding and substrate [7,25,26].

In this study, Inconel 625, a nickel-based superalloy, powder was deposited on
42CrMo4 steel, while the process parameters were varied. 42CrMo4 steel is often used
to produce components, such as gears and main shafts, and Inconel 625 is employed in
the repair/remanufacturing of these components by SERMEC Group. Single layers were
produced to evaluate the metallurgical bonding with a substrate; the influence of several
processing parameters, such as laser power, scanning speed, and powder feed rate on the
cladding quality, was evaluated considering the absence of cracks and structural imperfec-
tions. Preheating was performed on an optimised cladding condition in order to moderate
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the microstructure and mechanical responses. Microhardness profiles of claddings were
obtained and correlated with the microstructures.

2. Materials and Methods

2.1. DLD System Setup

A laser system, LDF 3000–100, was used to produce DLD claddings. The system
has a high-power fibre-coupled laser diode (wavelength 900–1030 nm, depending on the
power), with a nominal beam power of 6000 W. The machine concept is a KUKA KR90
R3100 industrial robot, based on a 6-axis industrial robot. All axes are connected to the
robot and laser control units, which command the temperature of the melt pool as well as
the laser power. The powder was fed during the deposition process by a coaxial feeding
system, as illustrated in Figure 1. The substrate was preheated (PHT) to 300 ◦C with a
manual gas system. The temperature control of the preheated substrate was done by a
digital pyrometer, for verification of the uniformity of the substrate surface temperature
distribution. Preheating is intended to decrease the cooling rate in the melt pool and
HAZ regions as well as eliminate moisture. Tests were performed on substrates after the
production of clads, with and without PHT, to evaluate susceptibility to cracking and
eventual formation of metastable phases.

Figure 1. (A) Schematic representation of the direct laser deposition system with two feeders;
(B) system in operation.

2.2. Feedstock Powder and Substrate

A nickel-based superalloy (MetcoClad 625 from Oerlikon), similar to Inconel 625,
produced by the gas-atomised process, was used in this study. This powder was developed
specifically for laser processing and presents a spherical morphology as well as particle
sizes ranging between 45 and 90 μm. Figure 2 shows scanning electron microscopy (SEM)
images of the morphology of the MetcoClad 625 powder.

Figure 2. SEM images of MetcoClad 625 powder.
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42CrMo4 steel, in the quenched and tempered condition, was used as a substrate for
the DLD deposition. Specimens with dimensions of 100 mm × 120 mm × 15 mm were
prepared for depositions. This steel is classified as a low alloy structural steel with high
mechanical strength and toughness as well as good fatigue resistance and machinability,
being widely used in the manufacturing of critical industrial components, such as gears,
automotive components, wing generators, and drilling joints for deep wells [27]. Its me-
chanical and chemical properties are described in standard EN 10,269 [28]. The chemical
composition of the MetcoClad 625 (M625) powder and 42CrMo4 steel are shown in Table 1.

Table 1. Chemical composition of M625 powder and 42CrMo4 steel (wt.%).

Material Ni Cr Mo Nb Si Mn C Fe

M625 60.8 21.3 9.2 4.6 - - - 4.1
42CrMo4 - 1.1 0.2 - 0.3 0.7 0.4 97.3

2.3. Process Parameters

The main process parameters (laser power, scanning speed, and feed rate) were con-
sidered to evaluate the effect of processing conditions on clads. The evaluation of the clad
quality depends on clad characteristics, namely, absence of cracks or pores, good metal-
lurgical bond (interfaces without microcracks, pores, and fragile phases, exhibiting good
wettability), and dilution between 15 and 30%. The values of the tested parameters are
shown in Table 2. All results are representative of single-layer samples. The terminology
ILP_SS_FR was used to identify the samples, being I—M625 powder (Inconel powder);
LP—laser power (kW); SS—scanning speed (mm/s); FR—feed rate (g/min). Eighteen
combinations of different processing conditions were tested, with and without preheating
(see Table 3). Before deposition, the substrates were cleaned with pure acetone.

Table 2. Process parameters tested for M625 deposition on 42CrMo4 substrate.

Process Parameters Values

Laser power (LP) 1.0, 1.5, 2.0, 2.5, and 3.0 kW
Scanning speed (SS) 2.0, 4.0, 6.0, and 10.0 mm/s

Feed rate (FR) 10, 15, and 20 g/min

In all tests, a spot size of 2.5 mm and an offset in the Z-axis of 0.2 mm were used.
High-purity argon (99.99%), with a 5.5 L/min flow rate, was used as the shielding gas for
minimising contamination of the melt pool during the DLD process. Samples with and
without PHT were cooled in air.

2.4. Mechanical and Microstructural Characterisation

Samples from each deposition were cut for microstructural and mechanical characteri-
sation using a metallographic cut-off machine with refrigeration in order to avoid substrate
and cladding overheating. Samples were mounted in resin and polished down to a 1 μm dia-
mond suspension. Kalling’s N◦. 2 chemical etching (CuCl2—5 g, hydrochloric acid—100 mL,
and ethanol—100 mL) was used to reveal the microstructures.

The measurements of the height, depth, and width of the claddings produced by
the DLD technique were performed using a Leica DVM6 A 2019 digital microscope (DM)
(Wetzlar, Germany). The Leica DM 4000 M optical microscope (OM) (Wetzlar, Germany)
allowed for a microstructural analysis at low magnifications to evaluate, for example, the size
of the heat-affected zone. A scanning electron microscope, FEI Quanta 400 FEG (ESEM,
Hillsboro, OR, USA), equipped with energy-dispersive X-ray spectroscopy (EDX) (EDAX
Genesis X4M, Oxford Instrument, Oxfordshire, UK) and electron backscatter diffraction
(EBSD) (EDAX-TSL OIM EBSD, Mahwah, NJ, USA) was used for higher magnification
observation and phase identification. For EBSD evaluation, the samples went through an
additional polishing step, using a 0.06 μm silica colloidal suspension, for a superior surface
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finish and to remove polishing-induced plastic deformations, allowing Kikuchi patterns to be
obtained [29]. EBSD allows for the obtaining of information on microstructural characteristics
with a small interaction volume and a high resolution, for which TSL OIM Analysis 5.2
software was used. For all raw data obtained by EBSD, a dilatation clean-up routine was
performed, with a grain tolerance angle of 15◦ and a minimum grain size of 10 points.

Quantitative image analysis was employed on optical images using the ImageJ soft-
ware, version 1.51p (National Institutes of Health, Bethesda, MD, USA).

Vickers microhardness tests gave the mechanical characterisation. The tests were
performed using a test force of 300 g for 15 s in a Struers Duramin 5 (Struers Inc., Cleveland,
OH, USA) Vickers hardness tester. Each hardness value corresponds to the average of three
indentations.

3. Results and Discussion

3.1. Processing Effects

The quality of cladding was first evaluated by inspection with a digital microscope
(DM). The microstructural analysis of all the claddings produced did not detect cracks,
pores, or inclusions of significant dimensions, an essential requirement for obtaining high-
performance deposits.

SEM characterisation confirmed the observations made by the DM. Figure 3 shows an
SEM image of the cross-section of an M625 clad deposited on 42CrMo4 steel, representing
the geometric aspects of cladding: height (h), width (w), depth (d), clad area (AC), melting
area (AM), and wetting angle (θ). These geometric aspects were measured on all claddings
using the ImageJ software. The results are shown in Table 3.

Table 3. Dimensional analysis of claddings produced by DLD.

Sample

Cladding Dimensional Analysis

W
(mm)

H
(mm)

D
(mm)

θ

(◦)
AC

(mm2)
AM

(mm2)
D

(%)

I1_2_15 2.79 3.07 0.25 121 9.9 0.3 2.6
I1_6_15 3.07 1.22 0.06 64 3.0 0.0 1.3

I1.5_10_10 3.09 0.71 0.43 47 5.8 2.1 26.5
I1.5_10_15 3.11 1.03 0.23 64 2.3 0.2 7.3
I2_2_15 3.62 3.66 1.28 107 15.2 3.0 16.6
I2_4_15 3.50 2.47 1.12 88 7.2 2.4 25.0
I2_6_10 3.38 1.39 1.16 53 3.3 2.3 40.6
I2_6_15 3.61 1.47 0.51 65 4.5 1.3 22.0
I2_6_20 3.63 1.71 0.56 74 4.9 1.2 19.5

I2_10_10 3.20 1.20 0.72 58 2.7 1.1 29.1
I2_10_15 3.36 0.81 0.88 40 1.9 1.5 45.1
I2.5_10_10 3.33 0.86 1.04 49 2.1 2.3 52.1
I2.5_10_15 3.36 1.23 1.00 51 2.9 1.9 39.8
I3_2_15 5.05 3.40 2.06 99 15.4 6.6 29.9
I3_4_15 4.64 2.06 0.89 70 7.5 2.5 25.3
I3_6_10 3.89 1.85 1.08 74 6.2 2.8 30.8
I3_6_15 4.71 0.78 0.68 37 2.8 2.6 48.0
I3_6_20 3.94 1.55 1.34 69 4.6 3.3 41.6

This analysis of the geometry of the single-track deposits is critical as it provides
information on process yield and cladding performance. For example, the contact angle is
an essential parameter in assessing the quality of the cladding [30,31]. Higher beads can
promote low wettability during the deposition of multi-tracks, hindering overlapping and
generating discontinuities in the hatch spacing of the overlapping deposits, thus facilitating
crack propagation. Typically, a contact angle greater than 90◦ is associated with lower-
quality claddings [32]. Table 3 shows that depositions with higher heights have a high
contact angle, as samples I1_2_15, I2_2_15, and I3_2_15 demonstrate.
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Figure 3. Cross-section of a single layer of M625 deposited on 42CrMo4: d—depth; h—height;
w—width; θ—contact angle; AC—clad area; and AM—melting area.

The results presented in Table 3 show that the analysed processing parameters (laser
power, scanning speed, powder feed rate, and preheating) strongly influence the production
of the cladding and its bonding to the substrate. The selection of a processing window that
guarantees a metallurgically bonded clad with good material yield is a fundamental task.
This selection is difficult since the mutual interaction of the various parameters is complex.
Thus, it is common to apply combined parameters in the DLD process to obtain a more
accurate relationship between processing parameters and the clad characteristics [33].

One of the most used complex parameters is powder deposition density (PDD),
which expresses the combined effect of feed rate, scanning speed, and laser spot size (ϕ)
(Equation (1)) [34–36]. Figure 4 exposes the linear growth of the cladding area with the
increase in the PDD parameter.

PDD (g/mm2) = FR/(SS × ϕ) (1)

This parameter shows that by increasing the feed rate or decreasing the scanning
speed, we can obtain claddings with a larger area, which was expected since both situations
result in more powder supply in the same period of time. PDD is a valuable parameter,
but this relationship is only valid for the cladding area and not for the total area of the
deposit, including the area of the substrate that has been melted. This last area is vital
because it affects the quality of the cladding.
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Figure 4. Dependence of cladding area on the value of the PDD complex parameter.

Additionally, with the measured areas (Table 3), it was possible to calculate the
dilution, which quantifies the relative amount of melted substrate during laser processing,
according to Equation (2).

Dilution (%) = AM/(AC + AM) × 100 (2)

A dilution ratio between 15 and 30% is sufficient to allow a good metallurgical bond
between the substrate and the cladding. Higher dilution, which means a greater melting of
the substrate, is undesirable since it reduces the deposition yield and induces considerable
changes in the chemical composition of the deposited material, modifying the expected
properties of the cladding.

The results obtained, and presented in Table 3, indicate that dilution increases with
increased laser power, keeping the other processing variables constant. A laser power of
1.5 kW is enough to guarantee a dilution higher than 15% for almost all conditions (the only
exception is the I1.5_10_15 sample).

Despite this apparent direct relation between laser power and dilution, the effect of
other critical processing variables, namely the scanning speed and the feed rate, makes the
establishment of relationships between processing condition and dilution complex. To over-
come this difficulty, it is common to apply complex parameters, empirically adjusted, to the
clad/substrate set under analysis to define the processing window [33,37,38].

Figure 5 shows a process window map, which associates laser power with the scanning
speed and feeding rate ratio, as well as the dilution that is correlated with the laser power
through complex parameter LP (SS/FR)0.5; it is represented by two curves, one for 15%
and the other for 30%. Additionally, as was also considered in the map, a vertical line that
corresponds to the acceptable limit for the wetting angle is present.

As seen in Figure 5, the shaded area, delimited by the previous conditions (dilution
range, acceptable wetting angle, and process parameters), reveals the desirable practical
manufacturing processing window of Inconel 625. In addition, the dilution increases pro-
portionally with the increase in laser power and decreases with the ratio between scanning
speed and feeding rate [39]. The flow of liquid metal in the melt pool is dominated by
Marangoni’s convection effect, caused by the surface tension gradient. As the tempera-
ture of the substrate increases, this effect becomes more evident. However, in practice,
the surface tension gradient (γ) dγ/dT depends on both temperature (T) and composition.
In this case, the most significant influence factor is the thermal gradient promoted between
laser beam and substrate, as Le et al. [40] demonstrated, where the increase in the substrate
temperature becomes more evident.
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Figure 5. DLD process window map of M625 for additive manufacturing of single tracks. Red point
represents the experimental I2_6_20 condition.

Laser power control allows the required good metallurgical integrity and dilution
to be achieved [41], producing a cladding with a good metallurgical bond and uniform
properties. Increasing the power of the laser promotes increased energy density as well
as greater dilution and mixing between the substrate and the deposited powder, which is
characteristic of the laser alloy process [42].

Considering the analyses performed, the I2_2_15, I2_4_15, I2_6_15, I2_6_20, I2_10_10,
I3_2_15, and I3_4_15 conditions showed dilutions within the established range, between
16.6% and 29.9%, but a lower dilution value is preferable. Nevertheless, the I2_2_15, I2_4_15,
and I3_2_15 samples presented poor wettability angles (107◦, 88◦, and 99◦, respectively)
that may lead, in future, to claddings with overlapping defects between strands. On the
other hand, the four remaining conditions presented good wetting angles, but taking into
account not only the quality of the process but also its efficiency, condition I2_6_20 (Figure 5
red point) is the only one that allows for the possibility of manufacturing a larger cladding
area and consequently a higher cladding high, which has an inverse linear relationship
with the SS/FR ratio. Considering this evaluation, the I2_6_20 condition will be used to
perform the analyses throughout the following sections.

3.2. Microstructures and Mechanical Characterisation of the DLD Samples

Figure 6 shows the cladding microstructure formed adjacent to the substrate by the
deposition of M625 on 42CrMo4 steel. This microstructure consists of columnar grains,
mainly dendrites, and cellular morphologies in a few regions.

As shown in Figure 6B, on solidification a continuous thin layer, < 10 μm, consisting of
planar grains formed in the vicinity of the substrate. This morphology evolves into colum-
nar grains with continued solidification of the cladding. This microstructure is consistent
with the results of a similar study in which martensitic stainless steel is deposited [43].
The very high thermal gradient in the contact zone of the melt pool with the cold substrate
contributed to the formation of planar grains. The microstructure evolves into a colum-

282



Metals 2021, 11, 1326

nar/dendritic structure due to a rapid decrease in the thermal gradient when more material
solidifies. Moreover, columnar grains grow perpendicular to the substrate/solidified ma-
terial, i.e., in the opposite direction of the primary heat dissipation source, as is usual
in DLD solidification [44]. As seen in Figure 7, this columnar/dendritic structure is the
characteristic microstructure of the cladding.

 

 

Figure 6. Microstructure of cladding produced by the I2_6_20 cladding condition on the preheated substrate, showing
(A) substrate interface cladding zone. (B) A higher magnification illustration of the interface.

 
Figure 7. SEM image of the I2_6_20 cladding microstructure.

Figure 8 shows a high-magnification SEM image and elemental mapping of the
microstructure of the I2_6_20 cladding. This microstructure consists of the γ matrix, bright
zones (surrounded by a segregation zone), and rounded dark particles. The elemental
mapping indicates that the bright zones are rich in Mo and Nb, indicating the formation of
the Laves phase located at the interdendritic region. Rounded dark particles are complex
oxides dispersed in the γ matrix. Table 4 shows the chemical composition obtained by EDX
analysis of the zones indicated in Figure 8.
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Figure 8. SEM image and the elemental maps obtained by EDX microanalysis showing segregation zones associated with
the Laves phase and complex oxides.

Table 4. Chemical composition (%) of the zones indicated in Figure 8.

Phases Zones Ni Cr Mo Nb Si Fe Mn Al Ca C O

Laves
phase

Z1 42.16 17.39 10.97 10.88 3.17 15.43 - - - - -
Z2 42.29 17.91 10.62 10.34 2.63 16.21 - - - - -

Oxide
Z3 0.33 4.24 - 1.11 13.00 - 2.44 15.83 4.70 2.58 55.77
Z4 0.71 4.38 - 1.18 14.71 - 1.78 14.58 6.91 - 55.75

The γ dendrites are formed during the solidification of nickel-based superalloys
processed by DLD, segregating Nb and Mo into the liquid, thus creating the local con-
ditions for forming the Laves phase. The final stage of non-equilibrium solidification
thus gives rise to this microstructure consisting mainly of the γ matrix and Laves phase.
A similar microstructure has been found in other nickel-based superalloy solidification
studies [45–51].

Laves phase formation promotes the initiation and propagation of cracks, with a
detrimental effect in mechanical response, reducing ductility, ultimate tensile strength,
fracture resistance, and fatigue life [52,53]. Thus, this phase reduces the performance of
Inconel 625, requiring control of morphology and distribution in the cladding.

A similar analysis was performed at the cladding/substrate interface, Figure 9. In the
continuous thin layer adjacent to the substrate, characterized by planar grains (see Figure 6),
the thermal gradient and growth rate are significantly different from those of the dendritic
region, and the Laves phase was not detected.

Figure 9 shows that DLD deposition of M625 on the 42CrMo4 substrate led to cladding
with a flat interface, with a thin continuous layer of planar γ grains, followed by γ dendrites
and a dispersed Laves phase. As already mentioned, the appearance of the Laves phase in
this region has a detrimental effect and should be minimized. Therefore, another cladding
was performed with the substrate preheated to 300 ◦C. This procedure leads to a decrease
in the thermal gradient of the deposited layer, influencing the microstructure. Preheating
(PHT) increases the interdiffusion of constituents of M625 and 42CrMo4 at the bonding
interface and, by decreasing the substrate cooling rate, can also affect the microstructure
and properties in the heat-affected zone.
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Figure 9. SEM image and elemental maps obtained by EDX microanalysis of M625 deposited on
42CrMo4 substrate. An EBSD image shows the phase distribution in this region: FCC phases in green
and BCC phases in red.

The influence of PHT application on the cladding/substrate interface is shown in
Figure 10. The thin layer of planar grains was not formed. Substrate heating significantly
reduced the thermal gradient in the initial solidification phase of the melt pool, leading
to the formation of dendrites throughout the cladding. Furthermore, it appears that PHT
slightly increases the interdendritic spacing from 5–7 μm to 6–9 μm, measured by ImageJ
software in Figure 6 and Figure 10, respectively. This observation confirms the decrease in
the cooling rate allowing the growth of the interdendritic spacing. This feature is consistent
with a study that indicates that lower cooling rates promote dendrite growth and decrease
cellular grain formation in the initial stages of solidification [54].

 

Figure 10. Microstructure of cladding produced by the I2_6_20 cladding condition on the preheated substrate, showing
(A) substrate interface cladding zone. (B) A higher magnification illustration of the interface.
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Besides, the application of PHT has led to the reduction in Laves phases, this effect
highlighted at the interface zone, as seen in Figure 11. A lower cooling rate effectively
maintained the Nb and Mo in the γ matrix, avoiding segregation. Moreover, the elemental
mapping and EBSD image in Figure 11 confirm a more intense interdiffusion at the interface,
which is not as plane as it was without PHT, Figure 9. Diffusion of nickel, which is a gamma-
phase stabilizer, to steel is associated with a greater amount of residual austenite in this
region. Thus, the application of preheating seems helpful for reducing the deleterious
Laves phase and for enhancing metallurgical bonding.

Figure 11. SEM image and elemental maps obtained by EDX microanalysis of M625 deposited on
preheated (PHT) 42CrMo4 substrate. An EBSD image shows the phase distribution in this region:
FCC phases in green and BCC phases in red.

The HAZ of 42CrMo4 steel is also a critical region, as substrate heating by the laser
followed by rapid cooling leads to martensite formation, which can create cracks and allow
for rapid crack propagation. Microstructural differences in HAZ caused by PHT were
analysed by EBSD, as illustrated in Figure 12. This figure shows that PHT affects the HAZ
microstructure, with larger (longer and wider) martensite laths caused by a slower cooling
rate. Martensite with wider laths is associated with lower mechanical strength which,
together with the more significant amount of residual austenite determined when using
PHT, can reduce the brittleness of this region.

Figure 12 also shows that no preferential crystalline orientation was formed in the
HAZ of claddings without or with PHT.
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Figure 12. EBSD images of the I2_6_20/substrate interface region. (A) Without PHT; (B) with PHT.

3.3. Microhardness Measurements

The microhardness profile shown in Figure 13 shows that the hardness distribution
in the cladding zone is uniform and independent of PHT, with an average hardness of
258 ± 2 HV and 253 ± 2 HV for the samples with and without preheating, respectively.
A sharp transient zone with a pronounced hardness increase is measured in the HAZ of the
sample without PHT (maximum hardness of 491 ± 23 HV). The application of PHT to the
substrate before deposition produced a more uniform distribution of hardness in the HAZ
(368 ± 25 HV), with a less sharp transient near the interface. Furthermore, the hardness
peak has been eliminated, and the hardness values show less dispersion. These differences
in hardness are attributed to changes in the microstructure induced by PHT, as seen in
Figure 12, and its influence on chemical composition distribution, seen in Figures 9 and 11,
and indicate that the HAZ region is less prone to cracking.

 
Figure 13. Microhardness profile of cladded samples applying the I2_6_20 condition with and
without PHT.

4. Conclusions

The deposition of Inconel 625 claddings onto a 42CrMo4 steel substrate was performed
using direct laser deposition (DLD) and varying processing conditions: laser power, scan-
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ning speed, feed rate, and preheating. Macro- and microstructural analysis, in addition to
the hardness measurements, led to the following main conclusions:

• A DLD process window map considering processing variables shows that several
combinations can be used. However, the cladding produced with 2 kW of laser power,
a scanning speed of 6 mm/s, and a 20 g/min feed rate presented adequate dilution
and wettability.

• The deposited layers were produced without significant structural defects such as
cracks, pores, or other types of discontinuities.

• Substrate preheating to 300 ◦C influences the microstructure of the cladding/substrate
interface, reducing the formation of the deleterious Laves phase.

• PHT also alters the hardness profile, mainly in the heat-affected zone, due to modifica-
tion of the martensite microstructure and increased residual austenite.
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Abstract: This investigation is focused on the corrosion evaluation of an as-cast Al-Si alloy, obtained
by two different casting methods: traditional sand casting and three-printing casting, using a binder
jetted mold. The experimental results are discussed in terms of chemical composition, microstructure,
hardness, and corrosion behavior of two different casting parts. The microstructure and composition
of the sample before and after the corrosion tests was analyzed using light microscopy (OM), scanning
electron microscopy (SEM), and energy-dispersive X-ray spectroscopy (EDX) and X-ray diffraction
(DRX). The corrosion of the two processed castings was analyzed using anodic polarization (PA) test
and electrochemical impedance spectroscopy (EIS) in an aerated solution of 3.5% by weight NaCl,
similar to the seawater environment. After the corrosion process, the samples were analyzed by
inductively coupled plasma/optical emission spectrometry (ICP/OES); the composition was used
to determine the chloride solution after immersion times. The sample processed by binder jetting
mold showed higher corrosion resistance with nobler potentials, lower corrosion densities, higher
polarization resistance, and more stable passive layers than the sample processed by sand casting.
This improvement of corrosion resistance could be related to the presence of coarse silicon particles,
which decrease of cathodic/anodic ratio and the number of micro-galvanic couples, and the lower
amount of intermetallic β Al-Fe-Si phase observed in cast alloy solidified in binder jetting mold.

Keywords: binder jetting; sand casting; aluminum alloy; microstructure; corrosion

1. Introduction

Techniques based on layer-by-layer fabrication have expanded enormously over
the past two decades due to the availability of a variety of materials (metals, ceramics,
polymers, and sands) and post-treatment procedures [1]. These technologies began for
the manufacture of prototypes due to the geometric freedom and validation of physical
prototypes during the product development cycle, reducing delivery time. [2,3]. However,
several sectors (aerospace, automotive, foundry) have included this new technology in
their production to make functional parts. In particular, casting industries immediately
identified the benefits of additive manufacturing for the production of molds [4]. The ability
to make parts layer by layer allows the designer to achieve one-piece molds, integrating
sprue, runner, gate, and feeder into the mold design, and these unique geometries and
complex designs are difficult to achieve through traditional casting processes. In addition,
manufacturing time is reduced since the production of patterns, use of tools, and machining
processes is avoided [5]. These aspects generate enormous advantages considering that
more than 70% of all metal castings are produced by the sand casting process [6]. Moreover,
sand consumption can be significantly reduced with the additive manufacturing process,
which can be helpful for energy saving and reducing environmental pollution as it allows
the selective deposition of an acid catalyst (e.g., furan).
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Binder jetting is one of the most suitable additive manufacturing technologies for the
manufacture of casting molds. Several studies have focused on improving this process,
applied to different materials. Tang et al. [7] optimized the binder jetting process for
inkjet printing Ti6Al4V parts with excellent properties. Mariani et al. [8] demonstrated
the feasibility of binder jetting technology to print WC–Co parts. This study revealed
the importance of the characteristics of the initial powder and its influence on the me-
chanical properties of the printed parts. Other studies have focused on improving inkjet
technology. Cheng et al. [9] investigated the process of driving waveform design for the
multi-nozzle piezoelectric printhead. The developed procedure allows reducing the num-
ber of experimental tests to find suitable waveform parameters for different 3D printers
and new materials. Other studies [10] have focused on improving the roller-type leveling
mechanism in order to achieve desired layer thickness, smooth surface, and good color
quality. Li et al. [11] conducted a study to solve the jamming problem of the printhead and
to improve the dimensional accuracy of binder jetting technology. For this purpose, several
water-based binders and gypsum composite powders were prepared, and the optimum
binder-powder assembly was then determined through elementary adhesive testing and
roller paving testing.

In the bibliography, there are several works focused on validating the advantages
of applying additive manufacturing technologies to the manufacture of casting molds.
Sneling et al. [12] took advantage of using 3D printed molds to cast parts with complex
geometries, such as cellular structures and sandwich panels. In this way, they would avoid
joints in the final part that would act as stress concentrators. Walker et al. [13] used binder
injection technology to manufacture molds with built-in sensors that allowed monitoring
the casting process by recording different parameters (temperature, pressure, humidity,
gas chemistry) in different parts of the mold during the casting process.

Despite the advantages of applying additive manufacturing in the foundry industry,
the process is not yet ready to completely replace the traditional casting process. A deeper
understanding of the properties of printed molds and their effect on the quality of castings
is still needed. The quality of castings depends on various factors related to the casting
process, as well as the properties of the mold used. With regard to the casting process, it
is necessary to consider the rate of heat removal from the metal to the mold, the pouring
temperature, and the chemical composition of the starting alloy. Regarding the properties
of the mold, it is necessary to know the mechanical properties, the surface finish, and the
permeability fundamentally. Most of the studies have focused on studying the properties
of printed molds using gypsum powder and sand in order to obtain castings of light alloys
such as aluminum. McKenna et al. [14] analyzed the effects of temperature and curing
time on the mechanical properties of the printed mold. The authors concluded that due
to the loss of volatile compounds, permeability increased with increasing curing time.
Vaezi et al. [15] studied the effect of layer thickness on mold properties. They observed
that by decreasing the thickness of the layer and increasing the amount of binder added
between particles bond, an improvement in tensile strength was achieved, although worse
results were produced in the surface quality of the mold. Edwin et al. [16] studied the
feasibility of printing plaster molds to produce aluminum metal castings. To improve the
mechanical and thermal properties of the mold, they performed post-processing operations
such as infiltration. The infiltrated molds had good resistance to heat, although the mold
did not have enough mechanical strength to withstand the metallostatic pressure due to
the molten metal.

There have been some studies that analyzed the quality of the castings obtained from
3d printed molds but the number of studies is limited. Snelling et al. [17,18] conducted
a comparative study using two different materials to produce the 3DP mold—ZCorp’s
plaster vs. ExOne’s silica—in order to obtain A356 aluminum alloy casting. In this study,
they focused on analyzing various properties of the casting, including roughness, density,
hardness, porosity, and microstructure. They concluded that the material of the mold
significantly influences the quality of the final part. Different factors, such as the amount
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of binder used to bind the particles of the mold, the grain size, the permeability, and the
composition of the mold material, modify the material properties of resultant castings.
These properties are related to the microstructural aspects of the final casting matrix
(secondary dendrite arm separation, grain size), secondary intermetallic phases (size,
morphology, distribution, and quantity), and porosity [19]. Specifically, the microstructure
of the Al-Si alloys, the object of study in this article, present in their microstructure a matrix
of α-aluminum dendrites as the main component and several phases. Among the phases
present are eutectic Si particles, several secondary intermetallic phases such as Al2Cu,
Mg2Si, and several Fe-bearing phases (AlFeSi, AlFeSiMn). The secondary phases (eutectic
Si, Al2Cu, Mg2Si, AlFeSi, and AlFeSiMn) provide specific properties to the alloy and can
affect the mechanical and corrosion behavior of the material.

Al-Si-Cu alloys are passive materials, however, they show high susceptibility to pitting
corrosion in chloride solution; this has been related to the presence of secondary phases
because most of these particles are more noble than Al-matrix [20]. These micro- galvanic
cells cause the dissolution of the aluminum matrix.

Part of this secondary phase are Si particles. The low solubility of silicon in the
aluminum matrix originates the precipitation of Si particles. The size, morphology, and
distribution of these particles play an important role in the mechanical and corrosion
behavior of Al-Si-Cu alloys [21]. The cathodic behavior of Si within the aluminum-rich
matrix acting as an anode results in the formation of micro-galvanic couples that cause
localized corrosion [22]. The influence of silicon morphology and its effect on the area ratio
in galvanic corrosion has been analyzed by Tahamtan et al. [23]. Thick flake Si particles
with sharp edges that increase the cathode/anode ratio greatly increase the density of the
corrosion stream [24].

Also, the electrochemical properties of Al-Si-Cu alloys are affected by morphologies,
type, and distribution of intermetallic phases that are, in turn, a function of alloy com-
position and cooling rate [25,26]. Intermetallic particles such as Al2CuMg, and Mg2Si,
are anodic with respect to the Al matrix and preferably corrode with respect for the sur-
rounding Al matrix [27]. However, the particles of intermetallic phases such as Al2Cu and
especially the iron-rich phases (β-Al-Fe-Si and α-Al-Fe-Mn-Si) are mostly cathodic to the Al
and cause the dissolution of surrounding eutectic Al matrix adjacent to these intermetallic
phases [28]. The iron content determines the type and morphology of these iron-rich
intermetallic phases. The plate shape phase, such as βAl5FeSi, is the most abundant, and
the greater the amount of iron, the longer and wider the needles are. This phase is very
hard and fragile and induces a high susceptibility to localized corrosion. The presence of
manganese favors the “Chinese script” form, such as αAl15(Fe,Mn)3Si2, which improves
corrosion resistance compared with those that are manganese-free [29–31].

The studies at the microstructural level, mechanical properties and corrosion behavior
of Al-Si alloys produced by the traditional sand casting process are known. However,
little information on these aspects has been studied for castings using molds fabricated by
additive manufacturing technology. This work aims to focus on this gap to investigate the
microstructure and corrosion behavior of the AlSiCu alloy. For this purpose, the alloys
were solidified in traditional sand molds and binder jetting molds.

2. Materials and Methods

2.1. Materials and Molds Manufacturing

For this study, the aluminum alloy Al-Si-Cu (EN-AC 4600) was used. The chemical
composition was analyzed by optical emission spectroscopy (OES), and the results are
shown in Table 1.

Table 1. Alloy composition in wt. (%).

Si Fe Cu Mn Mg Zn Ni Cr Pb Sn Ti Bi Cd Co V Zr Al

9.53 1.1 2.05 0.21 0.09 0.9 0.07 0.067 0.04 0.0115 0.08 0.045 0.0006 0.001 0.008 0.008 Bal
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The metal pouring conditions were the same for both molds. The aluminum smelting
was carried out in a Hobersal PR/400 (Hobersal, Barcelona, Spain) furnace at 770 ◦C, and
the pouring temperature was 750 ◦C.

The material used to print the binder jetting mold was a commercial powder plaster,
CaSO4.1/2H2O (VisiJet PXL Core, from 3DSystems, Rock Hill, SC, USA) with a purity
of 80–90%, according to the manufacturer and a commercial binder solution (VisiJet PXL
Clear) based on water with 2% Pyrrolidone. The characterization of the powder and the
binder were carried out by the authors in a previous work [32]. The mold was manufactured
using binder jetting technology with a Project CJP 660Pro machine (3D Systems, Rock Hill,
SC, USA). Binder Jetting technology is a powder-based process that uses a liquid binder to
selectively bind the powder particles that are spread on a work platform. This process is
repeated layer by layer until the part is completed according to the CAD design.

To manufacture the sand casting mold, commercial silica sand (Petrobond) was used.
A pattern, including the part and filling system, was manufactured by fused deposition
modeling (FDM) technology, using Ultimaker 2+ machine (Ultimaker B.V., Utrecht, Dutch).
Figure 1 shows the geometry of the part and the methodology used for the manufacture
of both molds, obtaining the casting parts, and metallographic and corrosion study. The
part has a rounded geometry with a sufficient area-volume ratio to analyze changes in the
internal structure due to heat transfer and cooling rate.

Figure 1. The methodology used for the casting process and analysis of the casting samples (metallographic and corro-
sion study).

2.2. Microstructural Characterization and Porosity

The metallographic study of both castings was carried out. First, the castings were
longitudinally cut and then smaller samples were cut from two different zones of the
casting parts, the center and the outer zone. The samples obtained were cold encapsulated
and polished (as standard). To reveal the microstructure of the samples, the polished
specimens were then etched using Keller’s reagent (2.5 mL HNO3; 1.5 mL HCl, 1 mL HF
and 95 mL H2O) for 12 s. Once polished and attacked, the study of different parameters
was carried out, resorting to the use of different techniques.

For the microstructure and porosity study, optical and electronic microscopy was used.
The images were taken from each sample (center sample and outer sample) corresponding
to the castings obtained from both molds (sand mold and binder jetting printed mold). For
the porosity study, a total of 30 images were taken with light microscopy (LM) randomly
distributed on the surface of each sample, and then ImageJ 2016-0205 software (National
Institute of Health, Bethesda, MD, USA) was used to determine the area occupied by
the pores.
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The morphological and chemical analysis of the phases was carried out by means of
secondary electron imaging (SEI) obtained using a JEOL 6480 scanning electron microscope
(SEM) (JEOL, Tokyo, Japan), equipped with an energy dispersive X-ray spectroscopy
(EDS) technique was used by means of the AZtec (Matsuzawa Seike Co., Ltd., Tokyo,
Japan) analysis software. We also used X-ray diffraction analysis (XRD) using a Bruker D8
Discover diffractometer equipped with a Cu anode (=1.5418 Å).

2.3. Microhardness

A microhardness Vickers test was carried out using Matsuzawa MXT70 microdurom-
eter(EG&G Princeton Applied Research, potentiostat, NJ, USA) with a load of 100 g for
30 s. Hardness samples were extracted from the center and outer locations (Figure 1).
Indentations were made until at least 10 indentations were acceptable and each hardness
value was calculated by taking the average of the ten identations. The microhardness was
evaluated as the arithmetical mean value, and standard deviation was determined.

2.4. Corrosion Testing and Samples Characterization

The corrosion resistance of the casting Al-Si-Cu alloy obtained using a binder jetting
mold in comparison with traditional sand casting mold, used as reference, was evaluated
from three electrochemical methods: open circuit potential (OCP), anodic polarization
measurement (PA), and electrochemical impedance spectroscopy (EIS). The electrochemical
testings were carried out in a three-electrode cell using a saturated calomel electrode (SCE)
as the reference electrode, graphite as the counter-electrode, and the Al-Si-Cu alloy as
the working electrode. The potentiostat 273A EG&G PAR (Princeton Applied Research,
Princeton, NJ, USA) and the impedance analyzer Solartron SI 1260 (Princeton Applied
Research, Princeton, NJ, USA)were used for monitoring the tests. The corrosion tests were
carried out in solution with chlorides (3.5% NaCl at 25 ◦C). The samples were wet ground
with SiC abrasive papers, followed by polishing with 1 mm diamond aqueous suspension.
All the electrochemical tests were repeated three times.

The open-circuit potential was measured for 3600 s of immersion of samples in the
chloride solution. Potentiodynamic anodic potential curves were made following the ASTM
G-5 [33]. Once a nearly quasi-stable potential has been reached, the anodic potentiodynamic
scan started at 250 mV below VOCP, reaching 1VSCE, using 50 mV/min as the potential
scan rate. The corrosion potential and current densities were obtained through Tafel’s
analysis. Electrochemical impedance spectroscopy (EIS) was carried out to evaluate the
corrosion polarization resistance (RP). Impedance spectra were performed at open circuit
potential after a stabilization step in the open circuit during 1800 s with a signal amplitude
of 10 mV at OCP and with a frequency range from 10 MHz to 1Hz. Observations by optical
microscopy were done on the corroded samples to understand how the mold casting
influences the corrosion performance in Al-Si-Cu alloy.

2.5. Inductive Coupling Plasma (ICP) with Optical Emission Spectrophotometer (OES)

In order to know which phases were dissolved after the corrosion process and to keep
the piece in the same medium for 14 days, inductive coupling plasma (ICP) with optical
emission spectrophotometer (OES) (ICP-OES) was used. The model was Perkin Elmer
Optima 2000DV. The samples were measured directly, undiluted. The ICP equipment
(Agilent Technologies Australia, Made in Malaysia) was calibrated with the following
standards: 0, 0.01, 0.05, 0.1, 0.5, 1, and 10 ppm.

3. Results and Discussion

3.1. Microstructural Characterization of Aluminum Alloy Castings

Figure 2 shows the microstructures solidified in both molds. Figure 2a–f represents
the solidified microstructures in a binder jetting mold, while Figure 2g–l represents the
solidified microstructures in a sand mold. As can be seen, when comparing these figures,
different mold materials produce some changes in the morphology and size of some phases.
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Regarding the size of the phases, it is evident that they are much smaller in the parts
obtained by sand mold, especially in the outer area of the parts, which could be associated
with the higher cooling speed in this area. As for the shape, it can be seen that elongated
shapes predominate in the sand mold. However, the phases present in the outer zone of
the binder jetting mold appear as thick phases with an irregular geometric and elongated
shape in most of the phases. The phases of Si, in these cases, are more elongated.

Figure 2. Optical micrographs of the samples: obtained in the outer area (a–c) from binder jetting mold and (g–i) from sand
mold, and obtained in the center area (d–f) from binder jetting mold and (j–l) from sand mold. Si phase; Al2Cu phase;
Al-Fe-Si phase.

It is known that the microstructure in aluminum alloy contains a matrix of α-aluminum
dendrites as the main component, which is surrounded by the eutectic Al-Si aggregate
and various secondary phases. Among the phases present are eutectic Si particles, several
secondary intermetallic phases such as Al2Cu, Mg2Si, and several Fe-bearing phases
(AlFeSi, AlFeSiMn). In our case, the microstructure that results from the melting in both
molds consisted of an aluminum matrix, in which some phase is distributed. Coarse
pro-eutectic Si particles (Figure 2e–j) and also Si needles particles (Figure 2b–f,h) can
be observed. Iron phases can generally be divided into three different morphologies:
polyhedral crystals, Chinese script, or thin platelets. The plate-like phases, such as β-
Al5FeSi, are considered more harmful than script-type phases and polyhedral crystals, such
as α-Al15- (Fe,Mn)3Si2 [29,30,34]. All of them appear in the two castings obtained in both
types of molds (Figure 2c–h,k,l). Al2Cu appears with irregular rounded shapes, most of
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them near to the Si and Fe phases, indicating that these phases may act as a nucleation site
(Figure 2a–c,f,h,j,k). This phase seems to be mostly found in the cast part obtained in a
mold made with Binder Jetting.

Using SEM, it was possible to obtain Secondary Electron Imaging (SE), in order to
know the composition of the different phases identified by OM (Figure 2). The results are
shown in Figure 3. In this Figure, some images are collected, and one of them corresponds
to the image of secondary electrons (SE) of the selected area, five of them to high-resolution
X-ray spatial distribution maps corresponding to the elements present in the SE area. Iron
is represented by green point density, which patterns distribution mappings is closely cor-
related with yellow point density corresponding to Mn and in some points with aluminum.
This correlation between this element is indicating the presence of Al-Fe-Mn phase. The
silicon distribution is not close to any element, so this indicates the presence of eutectic
silicon particles.

Figure 3. Mapping analysis of an area on the surface of the casting specimen, and 3 (a–d) X-ray
spectra obtained at different points in the area as a function of the distribution of the elements.

The ED X-ray spectrum is derived from different areas on the SE image, depending on
the distribution of the elements shown in the X-ray images. This has allowed corroborating
the presence of different phases: silicon (Figure 3b), Al2Cu (Figure 3c), and Al-Fe-Si-Mn
(Figure 3d) in that area.

The secondary iron phase (Al-Fe-Mn-Si) appeared in both molds with two different de-
fined morphologies (Figure 4). On the one hand, particles with the shape of Chinese script
appeared (Figure 4a), and on the other hand, particles with irregular shapes (Figure 4b).

Figure 4. Mapping analysis of two different phases of iron. Chinese script (a), and irregular shape (b).

Figure 5 and Table 2 show the experimental results of the XRD patterns of the four
samples studied (sand mold and binder jetting mold in the outer and central zones). As
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it can be observed, the phase proportions vary slightly both in the analyzed position
(center-exterior) and when changing the mold. The XRD analysis revealed the presence
of Al, and Si eutectic, as the major peaks. In addition, small diffraction peaks of CuAl2
intermetallic phase were detected, which proved that the Cu particles had reacted with
the Al matrix-forming CuAl2 intermetallic, as suggested by the EDS analysis. In Figure 5,
peaks at ~8◦, 44◦, 64◦, 78◦, and 83◦ correspond to the Bragg planes (111), (200), (220), (311),
and (222), respectively, indicating the presence of aluminum. On the other hand, the peaks
that appear at ~28◦, 48◦, 56◦, 77◦, and 88◦ indicate the presence of the eutectic Si phase in
the Bragg planes (111), (220), (311), (331), and (422). These results are consistent with other
investigations of AlSi alloys as well as sintered compounds of these [35–37].

Figure 5. Experimental XRD patterns of the aluminum-silicon alloy processed by sand and binder
jetting mold. (* Al; Si; Al2Cu; AlFeMn).

Table 2. Semi-quantitative results for the samples solidifies in both molds (sand mold and binder
jetting mold).

Phases
Binder Jetting Sand Casting

Outer Center Outer Center

Al 42 76.1 30.6 80.3
Si 7.6 0.7 5.1 1.4

Al-Fe-Si 28.1 18.4 52.2 12.4
Al2Cu 10.9 2.6 7.5 2.0

Al-Fe-Mn-Si 11.3 1.4 1.0 2.5
Mg2Si 2.7 0.8 1.1 1.3

Weaker peaks at approximately 41◦, 42◦, and 69◦ corresponding to the (220) and (222)
Bragg planes indicating the minority presence of Al2Cu [38].

The XRD results reveal that the composition of the alloy is similar in both cases,
although the content of each phase is different for the binder jetting and sand mold. The
results of a semi-quantitative analysis of these samples are shown in Table 2. According to
the results, it is possible to conclude that the silicon phase is the majority in the exterior
zone for both molds, however, it appears in a greater proportion for samples obtained by
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binder jetting mold. In addition, for both molds, the secondary phases predominate in the
outer area of the piece, and they are also the majority in binder jetting mold. However, the
aluminum phase is predominant for both molds in the central zone, although this phase is
the majority in the case of the sand mold.

In addition to the identification of phases and their distribution, in this work, the
dendritic size was also determined in both areas of the castings (exterior and center) because
it is an important parameter to take into account when evaluating the corrosion behavior.

From the OM micrographs, the secondary dendrite arm separation (SDAS) was mea-
sured (Figure 6) and the results are collected in Table 3. In both areas, exterior and center,
higher SDAS values for the sample were obtained with the binder jetting mold. From it, it
was determined to establish the cooling speeds of the solidified alloys in the two molds
and in the two studied areas. For this purpose, Equation (1) was used [39].

log R = −2.5 log Λs + 4.5 (1)

where Λs is the secondary dendrite arm separation (μm) and R is the cooling speed (◦C/s).

Figure 6. OM micrographs used to evaluate the SDAS (a) dendrites solidified in sand mold, and
(b) dendrites solidified in binder jetting mold.

Table 3. Cooling rates obtained from Equation (1) and the SDAS values.

Parameters
Binder Jetting Sand Casting

Outer Center Outer Center

SDAS (μm) 96.21 120.37 70.62 81.48
Cooling Rate (◦C/s) 0.35 0.19 0.75 0.52

Table 3 shows the cooling rates, calculated using Equation (1), taking into account
the determined secondary experimental dendrite arm spacing (SDAS). In the investigated
alloy, it can be seen that the highest solidification speed occurred in the outer areas of the
cast part, according to the lowest value of SDAS.

These compositional and morphological differences observed in the samples analyzed,
notably influence the corrosion behavior, as indicated in the following sections.

3.2. Porosity and Hardness Study of Solidified Samples

To analyze porosity, a longitudinal cut was made in the castings, as indicated in
Section 2.2. For both cases, sand casting and binder jetting casting, two types of poros-
ity were detected. As can be seen in Figure 7, in both casting processes, the same type
of porosity appeared in the samples: (1) spherical pores as a consequence of gas trap-
ping (Figure 7a,c), and (2) dendritic porosity due to the shrinkage that occurs during the
solidification process (Figure 7b,d).
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Figure 7. Micrographs obtained by SEM revealing the porosity present in the samples solidified in
binder jetting mold (a,b) and in sand mold (c,d).

Although the same type of porosity was observed with both processes, it should be
noted that the presence of pores due to gas trapping was higher when the sample was
obtained from the mold processed by additive manufacturing. This may be because the
3D mold is processed by additive manufacturing; it contains higher moisture, volatile
substances, and impurities compared to the traditional mold. This high content of volatile
substances means that the castings from the mold processed by 3D Binder Jetting present a
slight increase in both the number and the size of the pores.

The porosity percentage on the surface of the casting part was also determined
(Table 4). The area occupied by pores was significantly higher in the specimen obtained
with binder jetting mold, with this difference being more accused of the center specimen.

Table 4. % Porosity of casting specimens solidified in sand mold and binder jetting mold.

Type of Mold
% Porosity

Outer Center

Sand mold 3.39 3.02

Binder jetting mold 3.68 4.35

The mean Vickers microhardness for all samples are indicated in Table 5. The micro-
hardness values do not present significant differences neither with the type of mold, nor
with the region analyzed in the samples.

Table 5. Hardness values of casting specimens: binder jetting and sand casting.

Type of Mold
HV 0.1/30

Outer Center

Sand Mold 65.54 62.86
Binder Jetting Mold 63.26 62.70

3.3. Corrosión Behavior

Al-Si-Cu alloy processed by sand casting and by binder jetting casting corresponding
to the central and outer zones were immersed in the 3.5 wt.% NaCl solution at 20 ◦C during
3600 s and the open circuit potential was recorded, Figure 8a. For both sections and for
both casting processes, the potential slightly increased over time, thus, it is indicative of a
passive layer formation process on the surface. In all cases, there were notable potential
fluctuations that reveal the difficulties of forming a stable passive layer. The potentials are
slightly higher for binder jetting casting, indicating that thermodynamically the corrosion
resistance is somewhat higher than for sand casting. The differences between the center
and outer sections are minimal for both samples.
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Figure 8. OCP evolution of binder jetting and of sand mold (a) and anodic polarization scans in the
binder jetting and in the sand mold (b) in 3.5% NaCl, center and outer sections.

The effect of the molding on the corrosion rate of the AlSiCu alloy sample was
also studied using the anodic polarization technique. Figure 8b shows the solidified
potentiodynamic polarization curves for binder jetting mold and sand mold corresponding
to the center and outer zones. The morphology of the curves coincides in all cases after the
cathodic branch is observed; the zone of corrosion potential is slightly higher for binder
jetting casting, which is consistent with the previous open circuit potential values. Then
the current density increases until reaching the zone of passivity without observing in any
case pitting potential, although as is known, pitting corrosion is one of the most common
corrosion mechanisms in these Al alloys [40]. The curves are slightly displaced to the left
for alloy solidified on the binder jetting mold, which indicates lower current density and
therefore higher corrosion resistance.

Corrosion parameters such as corrosion potential (Ecorr) and corrosion current density
(icorr) obtained from Tafel’s analysis, are tabulated in Table 6, also included passive current
density (ipass) at 0.5VSCE and polarization resistance (RP) values. The results indicate the
decrease in corrosion and passive current density with the use of binder jetting mold for
the center section. However, the differences are negligible for the outer sections, which
show in both cases the lowest polarization resistances. The resistance of the central section
of the binder jetting casting alloy was three times higher than that obtained in the sand
casting, so the kinetics of the corrosion process expressed is also substantially improved in
addition to increasing thermodynamic stability with the use of the binder jetting mold.

Table 6. Electrochemical parameters estimated by Tabel method.

Sample Ecorr (V) icorr (μA/cm2) Rp (Ω/cm2) Ipas (A/cm2)

Sand mold
Center −0.695 90.1 289.29 0.71
Outer −0.683 43.0 605.54 0.90

Binder
jetting mold

Center −0.652 14.9 1752.6 0.52
Outer −0.643 40.5 643.31 0.61

In order to study the effect of the casting mold on the nature of the passive layer and to
obtain information on the corrosion mechanisms, electrochemical impedance spectroscopy
tests were carried out, which reveal greater differences between the alloys depending on
the mold used in the solidification. In the Nyquist diagram (Figure 9a), a larger semi-circle
is clearly observed in the binder jetting alloys, and the radius of the semi-circle is indicative
of the resistance to electronic transfer and is commonly related to corrosion resistance, this
coincides as shown in the Bode diagram (Figure 9b), with a higher impedance modulus
in the lower frequency zone for the solidified alloy in binder jetting mold. The sample
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corresponding to the outer section solidified in sand casting clearly showed the lowest
corrosion resistance.

Figure 9. Nyquist (a) and Bode (b) plots of binder jetting and sand casting samples in 3.5% NaCl,
center and outer sections.

The three electrochemical testing results indicate the best behavior of the samples
processed by additive manufacturing mold, which must be correlated with the structural
differences observed previously. From the electrochemical point of view, the most of
intermetallic phases are more noble the aluminum matrix, making the alloy system highly
susceptible to localized corrosion [41].

Silicon in coarse flake shapes precipitates as a consequence of the low solubility of this
alloy element in the aluminum-rich matrix. Silicon is cathodic with respect to the eutectic
aluminum matrix, which may lead to the formation of micro-galvanic couples. The amount
of silicon [42], the morphology of silicon particles as well as the cathodic/anodic ratio [43]
have important effects on galvanic corrosion between silicon and aluminum solid solution.
Other microstructural features as dendrite cell size, secondary dendrite arm spacing, and
grain size of aluminum phase also can affect galvanic corrosion, and it is concluded that a
thicker dendritic structure tends to give the material a higher corrosion resistance compared
to thinner structures where the distance between the arms is smaller [44].

The enhanced corrosion resistance of alloy solidified in the binder jetting mold com-
pared with the alloy solidified in sand mold could be associated, in the first instance, with
the reduced area ratio of eutectic silicon particles to eutectic aluminum phase [24,43] but
on the other hand, with the presence of coarse silicon particles visualized in the eutectic of
binder jetting alloy that can originate a lower number of micro-galvanic couples. Never-
theless, it is known that the effect of silicon is not so important due to the low corrosion
current densities [34] resulting from the high polarization of silicon particles [45].

On the other hand, it is known that the presence of Fe in Al-Si-Cu alloys originates
the β-Al-Fe-Si phase in the form of longer and thicker needles, with the higher the iron
content and the higher the cooling speed [46]. This phase has a nobler potential than the
aluminum matrix and therefore enhances the susceptibility to localized corrosion [40].
The presence of Mn resulting in α-Al-Fe-Mn-Si in the form of the so-called “Chinese
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script”, with lower potential reducing the galvanic corrosion compared with the β-Al-
Fe-Si intermetallic phase [47]. The Fe-intermetallic compounds are more visible in outer
sections of both samples, but the sample processed by sand casting had a higher amount of
needles and larger size while in the sample processed by binder jetting, a greater amount of
script phase was visible, it can explain the enhance corrosion behavior observed for outer
ceramic casting sample. These results are in agreement with results observed by other
authors [40,42,48]. These studies concluded that the iron-intermetallics compounds acted
as more effective cathodes than Si on Al-Si-Cu in 3.5% NaCl solution.

Finally, the content of the Mg2Si phase in the sample processed by binder jetting
mold was higher than processed by sand one, which may enhance corrosion resistance [49]
because it is anodic with respect to the aluminum matrix.

3.4. Microstructural Characterization of the Molten Samples after the Corrosion Test

After the corrosion test, a clear dissolution of phases was observed (Figure 10). The
OM micrographs show that there has been a greater dissolution of the phases in the sand
than in the binder jetting mold, regardless of the area studied. This may be due to the
fact that the size of the phases corresponding to the sample processed by sand mold were
smaller than the phase size corresponding to the samples processed by binder jetting mold.

Figure 10. OM micrographs of corroded surface products immersed in 3.5% NaCl solution for the
specimen in the binder jetting mold and sand casting mold.

The samples were left in the corrosive medium (3.5% NaCl) for 75 days in order to
study the behavior of the oxide layer formed, as well as the effect on the existing phases.
Figure 11 shows six images of an area for each sample processed with both molds (A) and
(B). One of the images (SE) was derived from secondary electrons, while the other five
images are high-resolution X-ray spatial distribution maps corresponding to the elements
present in the SE area. The relative abundance of each element is represented by the spatial
distribution of the density of dots of different colors depending on the element that is
represented in each image. For both cases, there is a correlation distribution between
aluminum (green image) and oxygen (red image), although in the case of the sand mold, a
lower intensity and number of spots can be observed in the case of oxygen with respect to
aluminum. However, in the binder jetting specimen, there is a homogeneous distribution
between both elements. This could be indicative that the oxide layer formed in the sample
manufactured by binder jetting is more resistant to the corrosive medium. The other
elements (Si, Fe, Cu) continue to appear in the molten samples.
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Figure 11. Element distribution mapping for Al-Si Alloy processed by sand mold (a) and binder
jetting mold (b).

In order to know the number of dissolved elements after the 75 days of immersion,
the concentration of the elements present in the liquid was determined by the technique of
optical emission spectrometry in plasma inductively coupled.

The concentration obtained for each element after 75 days of immersion in 3.5% NaCl
is presented in Table 7. In view of the results presented in the table, we can conclude that
there is a greater dissolution of Al, Cu, and Si in the sample obtained with sand mold. This
is in agreement with the results obtained with OM and SEM-EDX.

Table 7. Concentration (wt.%) of the elements in the 3.5% NaCl after 75 days of immersion.

Element
(ppm)

Reference
Material

Binder Jetting Sand Casting

Center Outer Center Outer

Al <0.10 0.20 2.28 2.57 2.36
Cu <0.01 0.03 0.06 0.20 0.04
Fe <0.02 0.02 0.02 0.03 0.02

Mg <0.01 0.19 0.20 0.25 0.15
Mn <0.01 0.01 0.01 0.01 0.01
Ni <0.02 0.02 0.02 0.02 0.02
Pb <0.05 0.05 0.05 0.05 0.05
Si <0.10 0.28 0.32 0.51 0.34
Sn <0.10 0.10 0.10 0.10 0.10
Ti <0.01 0.01 0.01 0.01 0.01
Zn <0.02 0.02 0.08 0.33 0.02

4. Conclusions

The present study is directed to investigate the influence of two different molds on the
microstructure and corrosion behavior of an aluminum alloy. The major conclusions are:

The corrosion behavior depends on the mold, but it is irrespective of the aluminum
cast zone.

The OCP results revealed the formation of the passive layer for the alloy processed
with the two molds. Although the slightly higher potentials in OCP, the lower current
densities in the PA test, as well as the decrease in corrosion and passive current density in
the Tafel test obtained for samples processed by additive manufacturing, reveal that in this
case, the aluminum alloy is more corrosion-resistant.

The variation of corrosion behavior with both molds is related to the differences found
in the microstructure. The binder jetting-processed alloy microstructure shows galvanic
pairs of silicon and α-Al-Fe-Mn-Si intermetallic precipitates that limit corrosion resistance.
While with the sand mold, the microstructure is rich in needle-like intermetallic compounds
(β-Al-Fe-Si) that make corrosion accelerate.
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Abstract: Passive heat exchangers (HXs) form an inseparable part of the manufacturing industry
as they provide high-efficiency cooling at minimal overhead costs. Along with the aspects of high
thermal cooling, it is essential to monitor pressure loss while using plate-fin HXs because pressure loss
can introduce additional power costs to a system. In this paper, an experimental study was conducted
to look at the effects of dimples on the pressure drop characteristics of single plate-fin heat exchangers.
To enable this, different configurations of National Advisory Committee for Aeronautics (NACA)
fins with smooth surfaces and 2 mm-diameter dimples, 4 mm-diameter dimples and 6 mm-diameter
dimples were designed and 3D printed using fused deposition modelling (FDM) of ABS plastic.
The depth to diameter ratio for these dimples was kept constant at 0.3 with varied diameters and
depths. These were then tested using a subsonic wind tunnel comprised of inlet and outlet pressure
taps as well as a hot wire velocimeter. Measurements were taken for pressure differences as well as
average velocity. These were then used to calculate friction factor values and to compare the smooth
fin to the dimpled fins in relation to their relative pressure drop performance. It was observed that
for lower velocities the 4 mm dimples provided minimum pressure drop, with a difference of 58%
when compared to smooth fins. At higher velocities, 6 mm dimples increased the pressure drop by
approximately 34% when compared to smooth fins. It can also be concluded from the observed data
in this study that shallower dimples produce lower pressure drops compared to deeper dimples
when the depth to diameter ratio is kept constant. Accordingly, deeper dimples are more effective
in providing drag reduction at lower velocities, whereas shallower dimples are more effective for
drag reduction at higher velocities.

Keywords: pressure drop; heat exchanger; additive manufacturing; surface textures; dimples; drag reduction

1. Introduction

When discussing heat exchangers (HXs), a primary or direct contact surface is de-
fined as a surface that separates two fluids at different temperatures. As noted by Thu-
lukkanam [1] and Shah and Sekulic [2], additional surfaces can be attached to a primary
surface to increase the heat transfer area and further improve the heat transfer characteris-
tics of an HX. These secondary appendages are referred to as fins and aid with convective
heat transfer.

With recent advancements in brazing and welding technology, most currently manu-
factured compact heat exchangers (CHX) and plate-fin heat exchangers (PFHX) involve
the brazing, semi-welding and all-welding of plates to a core [3]. Diffusion-bonded HXs
have also been applied in high-pressure industrial contexts [4].

Another important development in HX manufacturing is the introduction of additive
manufacturing (AM), which allows for complex geometries and matrices to be fabricated [5].
As a result, HXs have become more compact and more efficient [4]. For instance, in a study
conducted by Wong et al. [6], it was concluded that an AM-fabricated lattice-structured HX
provided minimal resistance to airflow as compared to traditional plate-fin and pin-fin HXs.
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However, the presence of a large number of voids within the lattice structure was
shown to not allow the adequate transfer of heat, hindering the heat transfer capabilities
of the HX. Another example of AM-fabricated HXs is the topology-optimised pin fin heat
exchanger that has been developed by Dede, Joshi and Zhou, as shown in Figure 1 [7].

Figure 1. Topology-optimised AM-fabricated Pin-Fin HX CAD model. Reprinted with permission
from [7]. Copyright 2015 by American Society of Mechanical Engineers (ASME).

The study conducted by McDonough [8] presents multiple examples of additively
manufactured heat exchangers, highlighting the complexity in design along with the ease
of fabrication of such complex shapes. Interested readers are highly encouraged to refer to
the above-mentioned study to gain in-depth details of applications of additive manufactur-
ing.

Further details of this are presented in a recently published paper by Vafadar et al. [9].
This above study discusses the application of metal AM in the development of complex
geometries, for different industries, including the civil, electrical, oil and gas sectors. AM
is presented in the above paper as a viable alternative to conventional machining (CM)
in terms of reducing both costs and energy consumption [10].

The high thermal performance of CHXs (up to 98%) in combination with an ever-
increasing demand for higher rates of heat transfer has prompted the research and develop-
ment of heat transfer augmentation techniques that have minimal pressure drop penalties
via the aid of forced convection. Forced convection, as defined by Sheikholeslami and
Ganji [11], refers to the mechanism of fluid transport where fluid is brought into motion
using external sources, such as pumps, fans, blowers, etc. To achieve this, there are two
methods of heat transfer augmentation that are widely applied in forced convection: using
complex shapes and using surface textures on extended surfaces.

One of the most commonly used types of HXs are PFHXs, which have external fins that
increase the overall heat transfer area of an exchanger. These fins can be further modified
to introduce turbulence in the flow, which enhances heat transfer [12]. These modifications
may occur in the form of surface textures that are classified as passive methods of heat
transfer enhancement, since they do not require any external source of power. Often, this
enhancement in heat transfer is accompanied by an increase in pressure drop that requires
additional pumping power for fans/blowers [12]. Hence, investigating surface textures to
enhance heat transfer with a reduced pressure drop has become a major area of research
for engineers.

Surface textures are an extension of passive methods and include features that are
embossed/engraved on the surfaces of HXs to improve thermal and pressure drop per-
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formances. One surface texture that has been extensively studied by a range of different
researchers is dimples. A number of numerical and experimental studies have been con-
ducted that deal with dimples as a means of improving heat transfer while reducing
drag/pressure drop. For instance, Burgess and Ligrani [13] have investigated the effects
of dimple depth on the Nusselt number and friction factor, considering the dimple print
diameter to dimple depth ratios (ε) of 0.1, 0.2 and 0.3 whilst keeping the print diameter
constant at 50.8 mm with constant streamwise and spanwise pitches of 82.2 and 41.1 mm,
respectively. Streamwise pitch (s) reflects the spacing between the dimples in the direction
of the flow, whereas spanwise pitch (p) defines the spacing between dimples perpendicular
to the flow of the fluid.

Their study compared the experimental values obtained for a depth to diameter
ratio of 0.1 with other studies possessing depth to diameter ratios of 0.2, 0.3, 0.28 and
0.19 for friction factor values. Their study concluded that the values of friction factors
increased with either an increase in depth to diameter ratio or an increase in the number
of dimples [13]. Investigations conducted by Rao, Wan and Xu [14] on pin-fin dimpled
channels with various dimple depths have revealed the dependency of pressure loss
behaviour on dimple depth to diameter ratios. Further, their study included dimple
depth to diameter ratios of 0.1, 0.2 and 0.3, where the obtained results showed that pin-
fin dimple channels with shallower dimples exhibited a reduction of up to 17.6% for
the values of friction factors [14]. Experiments on various density patterns of dimples
along with different dimple depths have been conducted by Nesselrooij et al. [15] to show
the sensitivity of drag reduction to the direction of fluid flow and flow conditions such as
the bulk velocity. Their study looked at dimple depths of 0.025 and 0.05 with 20 mm and
60 mm dimple print diameters, respectively. Multiple dimple orientations, such as flow
aligned and staggered, were also investigated.

Nesselrooij et al. [15] concluded that for both low-density and high-density patterns,
increasing the depth to diameter ratio from 0.025 to 0.05 increased the overall drag at all
velocities. The reason for this was attributed to the interactions between the boundary
layer and the spanwise velocity component [15]. In turn, shallow dimples with low-density
patterns produced a drag coefficient that was 4% less than the drag coefficient for flat
plates [15]. Although drag reduction for the high-density deeper dimples improved with
the Reynolds number, it still produced an 8% increase in drag performance [15]. Rao
and Feng [16] conducted experimental and numerical studies for spherical and teardrop
dimples with a depth to diameter ratio of 0.2. Their study concluded that compared to
smooth flat plate, both dimple geometries increased the friction factor with the teardrop
dimpled channel having relatively higher friction factor values than those of spherical
dimples [16].

Moon, O’Connell and Glezer [17] experimentally investigated the effect of the fluid
flow channel height on the heat transfer coefficient and friction factor. They tested four
different channel heights (6, 13, 19 and 25 mm) while keeping the channel width and length
constant. The bottom surface of the test setup was machined to incorporate the dimples.

Their study revealed that heat transfer improved by approximately two-fold, whilst
friction factors ranged from 1.6 to 2 times relative to a smooth channel [17]. Moon,
O’Connell and Glezer [17] also noted that studies conducted by other authors on dimples
showed a lower pressure drop in comparison to other turbulators (such as continuous
ribs) whilst significantly improving the thermal performance by a margin of 38%. Several
other authors, including Abbas et al. [18], Zhong et al. [19] and Yan, Yang and Wang [20],
have also conducted studies on the drag reduction properties of dimples on golf balls
and cylinders, concluding that the addition of dimples has a significant effect on reducing
the overall drag observed.

It is evident from the above review that much research and many experiments have
been conducted using dimpled surfaces on a flat plate. Although flat plates provide a good
indication of the thermal and pressure drop performances of dimpled HXs, they do not
provide information regarding their implementation for plate-fin compact heat exchangers.
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This is due to the difference in the orientation of PFHXs when compared to flat plates.
In practical applications of PFHXs, multiple sides of the fins are exposed to the fluid flow
and the fins are indeed perpendicular to the flow. Additionally, there is much disparity
within the current literature on dimpled channel heat exchangers in terms of results relating
to the thermal and pressure drop performances, a gap which the current study seeks to
bridge. The effects of variable dimple diameters and dimple depths on the pressure drop
performance of single elliptical plate-fin HXs will be tested. These will be compared to
experimental results and conclusions provided by various authors. Based on the results of
this current study, future work can be conducted on the thermal performances of various
dimple configurations.

It should be noted here that the scope of the current study is limited to the investigation
of passive surface textures, as they do not require any additional machines or materials
to be formed/created. One of these surface modifications makes use of the dimples as
turbulators to improve heat transfer while introducing a minimal pressure drop.

2. Experimental Study

2.1. Experimental Setup

For the experimental setup, the ‘AF1125 Subsonic Wind Tunnel’ (TECQUIPMENT,
Nottingham, UK) was utilised, since it is able to replicate forced convection conditions as
seen in the real-world applications of PFHXs. The following Figure 2 shows an overview
of the experimental setup.

Figure 2. AF1125 subsonic wind tunnel.

The AF1125 wind tunnel consists of an inlet air duct followed by a rectangular working
section, a diverging outlet duct and a blower that sits at the end of the diverging duct.
The fluid (air) is drawn into the wind tunnel by the blower. Before entering the working
section, the fluid encounters the flow straightener which sits right at the entrance of the inlet.
The flow straightener minimises the lateral movement of fluid caused by the suction of
the fluid and the swirling motion of the air by allowing the air to pass through an array of
honeycomb-shaped cells. This ensures that the fluid reaching the working section has no
lateral components of velocity and that the flow is as straight as possible.

The rectangular working section measures at a cross section of 125 mm × 125 mm,
with a length of 350 mm. Further, it is equipped with four manometer probes that measure
the static and dynamic pressure in the inlet and outlet sections of the wind tunnel. Static
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pressure or mechanical pressure, as defined by Shaughnessy, Katz and Schaffer [21], is
the force measured perpendicular to a surface of interest that is exposed to fluid. This form
of pressure represents the average of the normal stress at a certain point within the fluid.
Accordingly, if the kinetic energy of a fluid particle was converted into pressure potential
energy, the increase in the pressure due to this conversion is represented by dynamic
pressure [21]. These probes were used in this study to measure the dynamic pressure
at the inlet and outlet of the working section with the aid of HD755 digital differential
manometer (EXTECH, Nashua, NH, USA). The manometer measures the pressure differ-
ence between two points. Notably, it was connected to measure the difference between
the pitot tube pressure and the static pressure values at the inlet and outlet, respectively.
Aquarium valves were used to switch between the inlet and outlet pressure taps in this
study, as is shown in Figure 3. Pressure values were also used as performance indicators
for assessing the pressure drop performances of the varied HXs that were tested. Finally,
VT110 velocimeter (KIMO Instruments, Mumbai, India) was installed near the inlet section
to measure the velocity of the inlet flow. The measured velocity was then used to calculate
the Reynolds number of the free stream flow.

Figure 3. (a) Subsonic wind tunnel working section with the fin; (b) digital manometer and hot wire anemometer together
with the switch valve assembly.

Table 1 summarises the apparatus and the various measuring components installed
within the wind tunnel, and these are further highlighted in Figure 3.

Table 1. Component list for pressure testing in subsonic wind tunnel.

Sr. No. Component

1 Velocimeter
2 Inlet Pressure Probes
3 Outlet Pressure Probes
4 Inlet Differential Pressure Valve
5 Outlet Differential Pressure Valve
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2.2. Pressure Performance Criteria

There are several parameters that can be used to evaluate the pressure drop perfor-
mances of heat exchangers, such as the coefficient of drag and friction factor. For the pur-
pose of the current study, friction factor was chosen as the evaluation criteria for pressure
drop performance, as measuring the coefficient of drag was not feasible. The experimental
setup illustrated in Section 2.1 has been designed specifically to measure the inlet and
outlet dynamic pressure, as well as the free stream velocity. Friction factor emerges as
the preferred choice in representing the head loss within the test section due to friction,
since it is directly proportional to the pressure drop, as shown in Equation (1). Friction
factor values allow for results to be presented in a non-dimensional form, which can be
readily evaluated against results from similar studies in relation to the coefficient of drag.

2.2.1. Friction Factor

The friction factor or Darcy friction factor can be used to estimate pressure loss due to
friction in pipe flow or open-channel flow [22]; it is a non-dimensional quantity and can be
expressed using the general equation shown below, adapted from Barker [22].

f =
ΔP2Dh
ρLV2 (1)

where f is the dimensionless Darcy friction factor, ρ (kg/m3) is the fluid density, L (m) is
the characteristic length of the fin, V (m/s) is the fluid velocity, Dh (m) is the hydraulic
diameter and ΔP (Pa) is the pressure difference between the inlet and the outlet of the work-
ing section.

The hydraulic diameter can be calculated using the equation given below, which has
been adapted from Genium Publishing Corporation [23].

Dh =
2WH

(H + W)
(2)

where W (m) and H (m) are the width and height of the wind tunnel working section, respectively.

2.2.2. Reynolds Number

The Reynolds number can be used to characterise the inertial and viscous properties
of a moving fluid [24], where it can be calculated using the equation given below that has
been adapted from Vafadar, Guzzomi and Hayward [25].

Re =
ρVDh

μ
(3)

where μ (kg/m·s) is the dynamic viscosity of the fluid.

2.3. Uncertainty

Since the results are presented relatively using the same exact test equipment, uncer-
tainty was calculated using single sample standard deviation in order to outline inaccura-
cies in measurements and to describe the reliability of the results. Standard deviation was
calculated for the 5 individual runs to make sure the experimental data and the equipment
did not show any error. A maximum standard deviation of 8% was noted for the smooth
NACA fin at a velocity of 12 m/s. Standard deviation for the remainder of the tests was
below 5%. These uncertainties are within a reasonable range of accuracy, where similar
uncertainties have been noted by Burgess and Ligrani [13] as well as Rao, Li and Feng [16].
Individual runs for all geometry profiles were conducted consecutively within a period
of 120 min. This was to ensure the ambient conditions within the lab were as consistent
as possible for all individual runs, without introducing bias from external factors such as
change in temperature, pressure and humidity.
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2.4. Test Methodology

Thermal probes were removed from within the test section to avoid hindering the path
of the fluid and to ensure the pressure drop was based solely on the geometry being tested.
The bottom section of the wind tunnel was redesigned in a way to accommodate the base of
the fin and to make it flush with the bottom panel of the wind tunnel. In turn, this excludes
the pressure drop of the plate itself and provides measurements for only the pressure drop
performance of the fin and the dimples.

Pilot tests were conducted to establish the range of velocities to be tested, where
velocities from 2 m/s to 30 m/s were tested. Since the range of the velocimeter reached its
maximum at 30 m/s, pressure readings were measured at velocities starting at 12 m/s and
going up in increments of 2 m/s thereafter until 28 m/s. This made it possible to obtain
nine measurements to evaluate the pressure drop. Pressure measurements at 30 m/s were
not measured since the velocimeter failed to provide consistent readings, where subsequent
experimental data showed a relatively large standard deviation. Similarly, velocities below
12 m/s showed inconsistent pressure readings for the NACA fins and therefore, were
not included in these tests. The main reason for this inconsistency in the measurements
was the limited range of the measuring equipment which failed to provide adequate
measurements for velocities below 12 m/s and beyond 28 m/s.

Experiments were conducted five times for each of the geometries being tested. Ini-
tially, ten pilot tests were conducted, where standard deviation was calculated for five
runs and ten runs, respectively. Average standard deviations of 0.29 Pa and 0.27 Pa were
observed for the five and ten runs, respectively. Accordingly, it was decided that five runs
were sufficient to ensure accurate results without increasing the uncertainty of the measure-
ments. An average of the five collective runs was used for the final calculation of friction
factor as well as Reynolds number.

During the experiments, static inlet/outlet pressure, dynamic inlet/outlet pressure,
ambient room temperature and fluid velocity were recorded. These were further used to
calculate friction factor for different fin geometries.

A boundary layer thickness of 3 mm was estimated based on flat plate approximation
of the elliptical fin along the length of the entire NACA profile. As a result, the pitot tube
within the wake/outlet section of the fin was positioned 6 mm off the trailing edge of
the fin in order to not capture the boundary layer effects and measure the pressure drop
based on the wake of the fin. An equation suggested by Çengel and Cimbala [26] was
used to calculate the approximate thickness of the turbulent boundary layer based on flat
plate approximation.

δ=̃x × 0.38

(Re)1/5 (4)

where δ is the boundary layer thickness (mm), x is the characteristic length from the leading
edge (mm) and Re is the Reynolds number (dimensionless).

A digital manometer was used to provide a rolling average of the pressure drop for
the inlet and outlet sections of the tested fins. Similarly, a velocimeter was used at the in-
let section to calculate the average of the velocity. Both the manometer and velocimeter
do not have the capability to provide values over a data acquisition system, whereby
the rolling average was taken for the pressure and velocity. The overall pressure drop was
then calculated by obtaining the difference between the inlet and outlet’s averaged experi-
mental pressure values, whilst the Reynolds number was calculated using the average of
the velocity distribution.

2.5. Test Parameters

Different configurations of dimples, as shown in Figure 4, were tested. The aim
was to investigate the effect of varying dimple diameters and depths on pressure drop
performance while keeping the depth to diameter ratio, also known as surface roughness
(ε), constant at 0.3.
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Figure 4. (a) HX 1–2 mm dimples; (b) HX 2–4 mm dimples; (c) HX 3–6 mm dimples; (d) 3D-printed
HX 1; (e) 3D-printed HX 2; (f) 3D-printed HX 3.

Test fins were fabricated using 3D printing of ABS plastic with Zortrax M200 3D
printer (Zortrax, Olsztyn, Poland). Three-dimensional models were developed for the plate
and the fin as a single solid using Solidworks (Dassault Systèmes, Waltham, MA, USA) and
these were then converted into appropriate file formats to process using the Zortrax M200
(Zortrax, Olsztyn, Poland). Three-dimensional-printed fins were then inspected for surface
defects and irregularities. No post-processing of the fins was required and the finished
samples are shown below in Figure 4.

Initial experiments investigated the effects of varying the dimple diameter and depth
on pressure drop performance; the tested dimple geometries are shown in Figure 4.

These dimpled fins’ pressure drop performances were compared to the smooth NACA
63-015 profile fin. Measurements for the smooth fin were used as the base measurements
to indicate the effective change in pressure drop after implementing dimples. The smooth
fin is shown below in Figure 5.

Figure 5. NACA 63-015-inspired smooth 3D-printed PFHX.
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As stated in the literature review, a larger diameter to depth ratio has been shown/proven
to provide a better thermal performance. A large diameter to depth ratio can introduce stag-
nant air pockets and turbulence, which may increase the pressure drop. Therefore, dimple
diameters of 2 mm, 4 mm and 6 mm were chosen with a D/d ratio of 0.3. The selection of
the ratio was based upon the previous studies while the selection of the dimple diameters
was limited by the geometry of the fin and the manufacturing equipment. All fins were
printed using the Zortrax M200 3D printer which provides a resolution of 0.4 mm for
a single printable point. Taking this into consideration and the curvature of the dimples,
it was decided to use 2 mm as the minimum dimple size which corresponds to a depth of
0.6 mm. Dimple diameters lower than 2 mm would have depths lower than 0.4 mm, which
when manufactured would lose the details of the curvature of the dimple. The number of
dimples on the fins for the above-mentioned diameters were 352, 36 and 12, respectively.
The number and configuration of dimples were normalised using the volume of material
removed, where all efforts were made to keep the removed volume as consistent as possible.
This is shown in Table 2.

Table 2. Smooth vs. dimpled fins’ mechanical properties.

Fin
Fin Volume

(mm3)
Fin Surface Area

(mm2)
Δ Volume

(mm3)
Δ S.A
(mm2)

HX Smooth 11,571 5149 - -
HX 1–2 mm Dimples 11,191 5475 380 326
HX 2–4 mm Dimples 11,260 5277 311 128
HX 3–6 mm Dimples 11,216 5241 356 91

Figure 6a,b present the geometrical dimensions used to create the varied dimple
profile and the array of dimples on the fin, respectively.

Figure 6. Geometrical dimensions for (a) dimple profile; (b) fin with dimples. Dimensions are in millimeters (mm).

Table 3 below presents the summary of the samples that were tested in the cur-
rent study, including the geometrical configurations of dimples as well as their span-
wise/streamwise spacing. All dimensions are in millimeters.
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Table 3. Geometric configuration of HX samples.

Fin a b c d e a/b

HX Smooth - - - - - -
HX 1–2 mm Dimples 0.6 2 1.13 3 3 0.3
HX 2–4 mm Dimples 1.2 4 2.27 18 4.5 0.3
HX 3–6 mm Dimples 1.8 6 3.4 18 9 0.3

3. Results

Figure 7a presents the average of the pressure drop measurements for the smooth
NACA 63-015 fin whereas Figure 7b shows the results of five individual runs that were
undertaken for the NACA fin. The trendline corresponds to a second-order polynomial
equation, the coefficient for which is shown in Figure 7a.

Figure 7. Experimental results for smooth NACA/elliptical profile; (a) average of 5 runs and (b) 5 individual runs.

Figure 8a presents the average of the pressure drop measurements for the 2 mm-
dimpled fin whereas Figure 8b provides the pressure measurements for the five individual
runs. The trendline corresponds to a second-order polynomial equation, the coefficient for
which is shown in Figure 8a.

Figure 9a shows the pressure drop measurements for the 4 mm-dimpled fin and
Figure 9b provides the results for the five individual measurements undertaken. The trend-
line corresponds to a second-order polynomial equation, the coefficient for which is shown
in Figure 9a.
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Figure 8. Experimental results for 2 mm dimples engraved on the NACA/elliptical Profile; (a) average of 5 runs; (b) 5 indi-
vidual runs.

Figure 9. Experimental results for 4 mm dimples engraved on NACA/elliptical profile; (a) average of 5 runs; (b) 5 individual runs.

Figure 10a highlights the average pressure drop for the 6 mm-dimpled fin whereas
Figure 10b presents the results for the five individual runs undertaken. The trendline
corresponds to a second-order polynomial equation, the coefficient for which is shown
in Figure 10a.
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Figure 10. Experimental results for 6 mm dimples engraved on NACA/elliptical profile; (a) average of 5 runs; (b) 5 individ-
ual runs.

Figures 11 and 12 compares the pressure drop performances of the different dimpled
fins (2 mm, 4 mm, 6 mm) against the smooth NACA fin as well as their friction factor
characteristics.

Figure 11. Comparison of pressure drop between smooth, 2 mm, 4 mm and 6 mm dimples engraved
on NACA/elliptical profile.
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Figure 12. Comparison of friction factor value between smooth, 2 mm, 4 mm and 6 mm dimples
engraved on NACA/elliptical profile.

4. Discussion of Results

The results from the wind tunnel testing of smooth NACA/elliptical fin, and fins with
2 mm, 4 mm and 6 mm dimples, are presented in Figure 7, Figure 8, Figure 9, Figure 10,
respectively. These include the five individual runs to determine the accuracy of the mea-
surement as well as the average of these five runs. These average runs were then compared
to each other, as seen in in Figure 11, for their relative pressure drop performances. It can
be observed in Figure 11 that with an increase in diameter as well as depth of the dimples,
there was a noticeable increase in the pressure drop of the fins. A similar trend has been ob-
served by Ting [27] in relation to golf balls, where initially increasing the surface roughness
of golf balls via dimples reduced the coefficient of drag. The above study also observed
that after a certain limit is reached for dimple depth, a further increase in the depth of
dimples had the opposite effect, where the coefficient of drag increased significantly. In the
current study, fins with dimples outperformed the smooth fin in terms of pressure drop
performance up to velocities of 20 m/s, after which the pressure drop for the dimpled fins
increased significantly. These observations can be attributed to the fact that the addition of
dimples delays the boundary layer separation, which subsequently induces a narrower
wake behind the fin leading to reduced form drag. These dimples introduce localised
turbulence within and around the dimple cavity, which re-energizes the boundary layer
and delays boundary layer separation. As a result of this localised turbulence, the bound-
ary layer sticks to the surface for a longer duration and reduces the overall wake behind
the fin. This contributes to a reduction in form drag, which is seen as the initial decline
in the friction factor or the lower pressure drop observed with a low Reynolds number.
Form drag is highly dependent on flow separation, whereas friction drag is a function of
shear stresses observed on the surface of a geometry [28]. With an increase in the Reynolds
number, there is an increase in shear stresses, which in turn increases the overall friction
drag. For the case of dimpled fins, shear stresses are further magnified due to the intro-
duction of localised turbulence by dimples, where as a result there is a significant increase
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in the pressure drop for dimpled fins starting at a velocity of 20–22 m/s, which is equivalent
to a Reynolds number of approximately 7 × 104–7.5 × 104. Experiments conducted by
Chowdhury et al. [29] have shown that increasing the depth of dimples lowers the critical
Reynolds number, where the transition to turbulent flow happens earlier within the flow
in comparison to smooth fins. Even though this shift in transition has the possibility of
increasing the coefficient of drag in the transcritical regime, as observed by Chowdhury
et al. [29], it also creates local turbulence within dimples. This local turbulence can be
controlled via the depth of the dimples and used to energise the boundary layer, which
delays the aforementioned separation. Accordingly, as can be observed in Figure 11, the fin
with 2 mm dimples showed a higher pressure drop at 12 m/s relative to 4 mm and 6 mm
dimples, both of which experienced negligible differences in the pressure drop performance
at 12 m/s. Starting at 14 m/s, the fin with 2 mm dimples showed a consistently lower
pressure drop, followed by fins with 4 mm and 6 mm dimples, respectively. This trend
could be observed up until 26 m/s, after which the fin with 2 mm dimples surpassed the 4
mm-dimpled fin and showed an increase in pressure drop. It is worth noting here that
the difference in pressure drop between 2 mm- and 4 mm-dimpled fins was quite insignifi-
cant when compared with 6 mm dimples. As suggested by various authors, including Ge,
Fang and Liu [30], this could be attributed to the threshold of dimple depth and diameter,
whereby if the depth and diameter of dimples is increased beyond a limit, the favourable
effect of pressure reduction is negated and an increase in pressure drop can consequently
be observed.

Figure 12 shows the friction factor calculated using Equation (1) provided in the theory
section. The friction factor allows for the comparison of head loss within an open-channel
flow, where flow can be observed in a pipe measured over a specific distance [31]. In this
study, friction factor values were plotted against the Reynolds number for a smooth fin
and dimpled fins (2 mm, 4 mm and 6 mm). This allowed the authors to determine the re-
lationship between the head loss observed within the wind tunnel for various dimpled
and non-dimpled fins relative to the Reynolds number. It is evident from the trends ob-
served in Figure 12 that the friction factor for the smooth NACA fin was the highest up to
a Reynolds number of 6.5 × 104, whereas the 2 mm dimples provided the lowest friction
factor for Reynolds numbers ranging from 4.6 × 104 to 7.2 × 104. Experiments conducted
by Choi, Jeon and Choi [32] found that with an increase in the Reynolds number, a sharp
decrease in the coefficient of drag can be observed for dimpled spheres as compared to
smooth spheres. A similar trend is also visible in Figure 12 for the 2 mm-dimpled fin and
the smooth fin, where a sharp decrease in the friction factor can be observed for the 2 mm-
dimpled fin between Reynolds numbers of 4 × 104 and 5 × 104, and for the smooth fin
between the range of 4 × 104 and 6 × 104. The same study by Choi, Jeon and Choi [32]
further concluded that the coefficient of drag hit a constant value after the sharp decline
region. Their study examined dimpled spheres with varied surface roughness values
(ε), with a higher surface roughness indicating deeper dimples. The results published
in the above study further summarised that the coefficient of drag for higher surface rough-
ness (ε) spheres showed a sharp decline at a lower Reynolds number while maintaining
a higher constant value than spheres with lower surface roughness values (ε). Similar
observations are evident in Figure 12 where, on the one hand, the equipment could not
capture the sharp decline of the friction factor for deeper dimples (4 mm and 6 mm), as was
observed for the 2 mm-dimpled fin and the smooth fin. On the other hand, it can be clearly
observed that the friction factor starts to plateau at a Reynolds number of approximately
6.8 × 104, with 6 mm dimples showing the largest head loss, and 2 mm dimples exhibiting
the lowest head loss. The overall trend for the coefficient of drag as observed by Choi, Jeon
and Choi [32] in their experimental studies can also be observed in Figure 12 for the plot of
the friction factor. This similarity in the overall trend can be explained by the formation of
a separation bubble within the dimples resulting in delayed boundary layer separation,
as mentioned earlier, leading to a reduction in the overall drag and consequently reducing
the overall pressure drop.
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These results also coincide with the trends observed by Rao, Wan and Xu [14], Nes-
selrooij et al. [15] and Patel and Borse [33] where the introduction of dimples was shown
to reduce pressure drop relative to a flat plate. Further, a study conducted by Rao, Wan
and Xu [14] also concluded that shallower dimples perform better at reducing the pressure
drop as compared to deeper dimples, since shallower dimples reduce the velocity near
the upstream half of the dimples which consequently reduces turbulent mixing in the main
flow. With deeper dimples, even though turbulent mixing is reduced in the upstream half
of the dimples, there is a strong flow impingement near the downstream rim of the dim-
ples [14]. Interested readers may refer to the above-mentioned study by Rao, Wan and
Xu [14] for additional insight regarding the pressure loss due to flow impingement.

This flow impingement introduces additional pressure loss within the flow. This is
visible in Figure 11, where the fin with 2 mm dimples provided the lowest pressure drop,
followed by fins with 4 mm and 6 mm dimples, respectively. At low velocities of up to
22 m/s, a maximum pressure drop reduction of 58% was observed using 4 mm dimples
relative to the smooth NACA fin, whereas at high velocities above 22 m/s, a 34% increase
in pressure drop was observed with 6 mm dimples relative to the smooth NACA fin.
Figure 13 presents the percentage difference in pressure for all three configurations of
dimples tested against the smooth fin.

Figure 13. Pressure drop % difference for NACA fin vs. 2 mm-, 4 mm- and 6 mm-dimpled fins.

It should be observed here that the results obtained by several authors including Choi,
Jeon and Choi [32] as well as Abbas et al. [18] for drag coefficients coincide with the trends
observed in Figure 12 for friction factor values. As a result, it can be summarised from
Figure 12 that deeper dimples induce drag reduction at a lower Reynolds number, which
can be seen in the sharp decline in the friction factor value for 2 mm dimples. This sudden
decrease in friction factor could not be captured in the 4 mm and 6 mm dimples due to
the limit of the measuring equipment and the reasons outlined in Section 2.4 of the current
study. However, from the similarity of the trends observed in the literature and Figure 12,
the critical regime of the sudden decrease in drag for 4 mm and 6 mm dimples should lie
beyond a Reynolds number <4 × 104. This is evident from the values for a friction factor of
4 mm- and 6 mm-dimpled fins, as they are observed to increase when going from a Reynolds
number of 5 × 104 to 4 × 104, suggesting a linear increase in overall drag at velocities lower
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than 12 m/s. Consequently, it can also be concluded from Figure 12 that deeper dimples
induce a higher pressure drop at a higher Reynolds number of >7 × 104 when compared to
shallower dimples. This is evident from the trend where friction factor values start to plateau
within the transcritical regime (Re, 6.5 × 104—9 × 104), whereby at that stage the 6 mm
dimpled fins have the highest friction factor values, followed by the 4 mm- and 2 mm-
dimpled fins. The smooth NACA fin provided the lowest frictional resistance. In summary,
it is apparent that deeper dimples are preferred for reducing drag at lower velocities with
a larger pressure drop an in the transcritical regime. Shallower dimples are preferred for
medium to high velocities with a smaller pressure drop in the transcritical regime.

5. Conclusions

In this study, we have experimentally investigated the pressure drop characteristics
of NACA/elliptical fins with smooth surfaces and with 2 mm, 4 mm and 6 mm engraved
dimples. The experimental results for the smooth and dimpled fins were obtained using
wind tunnel testing and compared relative to each other for velocities ranging from 12 m/s
to 28 m/s, translating to a Reynolds number range of 4 × 104–9.2 × 104. The results
show a clear distinction in pressure drop and friction factor for smooth and dimpled fins.
Dimpled fins outperformed the smooth fin for velocities of 12 m/s to approximately 22 m/s,
with 2 mm-dimpled fins providing the lowest pressure drop and the least friction amongst
the compared fins. Another important observation was the increase in the pressure drop
and friction factor with relative increases in the dimple diameter and depth. With the depth
to diameter ratio being constant at 0.3 for all dimpled fins, it was evident that shallower
dimples performed better and induced a lower pressure drop compared to dimples with
larger diameters and depths. Dimples with 4 mm diameters led to a reduction of 58%
in pressure drop at a velocity of 12 m/s when compared to the smooth fins. Dimples with
2 mm diameters showed a 53% reduction in pressure drop at a velocity of 16 m/s relative
to the smooth fin. Dimples with the largest diameter of 6 mm showed a reduction of 55% at
a velocity of 12 m/s when compared to the smooth fin and the 2 mm dimples. This occurred
due to the fact that a higher surface roughness or deeper dimples shift the critical Reynolds
number upstream, which reduces the drag at low velocities while the constant value of
the drag coefficient within the transcritical regime increased significantly. A smaller surface
roughness or shallower dimples provided a larger drag reduction at higher velocities with
the constant value of drag coefficient within the transcritical regime being lower when
compared to deeper dimples. As a result, applications that require drag reduction at lower
velocities should opt for deeper dimples, whilst applications that require significant drag
reduction at high velocities should utilise shallower dimples.

Future Work

The current study focuses on the investigation of the pressure drop characteristics of
dimpled fins relative to a smooth NACA fin. Even though favourable results have been
obtained with the use of dimples to reduce the pressure drop, a framework is still missing
in order to optimise dimple design for specific applications. As a result of the current
investigation, the following future works are proposed, which seek to further establish
dimples and the use of turbulators as a means of increasing the efficiency of PFHXs.

• Heat transfer studies should be conducted on the geometries investigated in the cur-
rent study. Even though a significant pressure drop reduction was observed with
the introduction of dimples, how well these dimples allowed the transfer of heat will
eventually be a decisive factor in the relevance of the use of additive manufacturing
and the use of turbulators in improving the efficiency of HXs.

• Mathematical models should be investigated that allow the design of dimples based on
common parameters observed in the application of HXs. These include velocity, drag,
Reynolds number, surface roughness and other factors that contribute to increasing
the pressure drop efficiency of HXs. The current literature regarding dimples has
mainly focused on experimental results, where the design of the dimples is either cho-
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sen arbitrarily based on existing literature or is influenced by their existing applications
in golf balls. These designs have been verified for their effectiveness based on these
experimental parameters. A framework or a mathematical model that provides insight
into the design of dimple parameters, such as the optimal depth and diameter for
specific velocities or specialised applications, will be highly advantageous in removing
the need for extensive testing of various arbitrarily chosen dimple designs.
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