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Milkovič and Zenon Pirowski
Influence of Al/Ti Ratio and Ta Concentration on the As-Cast Microstructure, Phase
Composition, and Phase Transformation Temperatures of Lost-Wax Ni-Based Superalloy
Castings
Reprinted from: Materials 2022, 15, 3296, doi:10.3390/ma15093296 . . . . . . . . . . . . . . . . . . 189

Łukasz Rakoczy, Bogdan Rutkowski, Małgorzata Grudzień-Rakoczy, Rafał Cygan, Wiktoria
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Abstract: The paper discusses a potential composite produced using the casting method, where the
matrix is gray cast iron with flake graphite. The reinforcement is provided by granular carborundum
(β-SiC). The article presents model studies aimed at identifying the phenomena at the contact
boundary resulting from the interaction of the liquid matrix with solid reinforcement particles. The
scope of the research included, primarily, the metallographic analysis of the microstructure of the
resulting composite, carried out by using light (LOM) and scanning electron (SEM) microscopy
with energy dispersive X-ray spectroscopy (EDS) analysis. The occurrence of metallic phases in the
boundary zone was indicated, the contents and morphology of which can be optimized in order
to achieve favorable functional properties, mainly the tribological properties of the composite. In
addition, the results obtained confirm the possibility of producing similar composites based on
selected iron alloys.

Keywords: casting composite; silicon carbide; gray cast iron; graphite; pearlite; reinforcement
particles; metallic matrix

1. Introduction

The concept of the paper and direction of the conducted research is based on the use
of gray cast iron as a matrix and silicon carbide (SiC) particles as reinforcement. Ultimately,
the aim is to obtain a material resistant to frictional wear with high coefficient of friction. A
hypothetically hard reinforcement phase promotes an increase in wear resistance. Graphite
present in the matrix microstructure can act as a solid lubricant, and thus, it can stabilize
the frictional conditions, providing the ability to damp mechanical vibrations, typical for
cast iron. In addition, graphite in cast iron increases thermal conductivity compared to
iron alloys without the graphite phase. It is predicted that the potential applications of
the composite produced as part of the paper include brake discs, as well as working parts
of mining and construction machines. The condition for further operational research is
to obtain favorable micro- and macrostructural features of the presented composite. In
addition, it should be initially noted that the analysis of surface phenomena presented
in the paper will become the basis for further structural and mechanical studies of the
innovative composite gray cast iron—SiC.

Proper understanding of surface phenomena at the interface between ceramics and
metal matrix is the basis for designing new materials—e.g., showing the properties of
composites. The widely tested and used composites have a matrix of light Al and Mg alloys,
which can be obviously justified—these are materials with favorable performance properties—
in this case showing minimum mass density and maximum mechanical properties.

The subject of the study is a slightly different association of potential components.
They include silicon carbide in the allotropic β form, i.e., not completely pure, relatively
cheap and available, and an iron alloy similar to cast iron with flake graphite. The metallic

1



Materials 2021, 14, 6762

matrix is a cheap, well-known material with versatile functional properties and the lowest
processing temperature of iron alloys.

The subject of the research is therefore the combination of materials with possibly
minimally differentiated carbon concentration in the ceramic–metallic matrix system. Here,
attention should be paid to the driving force of the diffusion process. One of the several
important factors is the level of the concentration difference at the component boundary.
Carbon, having a small atomic radius, is easily diffusible. In addition, silicon carbide
belongs to ceramics featuring maximum thermal conductivity and very high hardness,
which bodes well, for example, when creating potential new wear-resistant composite
materials. According to the adopted concept, silicon carbide remains in contact with
the liquid iron alloy. Such a system is highly chemically reactive. In many definitions
of composites, chemical reactions between components are disqualifying in terms of a
classical composite. Nevertheless, the indicated solution seems to be attractive in terms
of technology and applications provided. The intention is to control the physicochemical
reactions and create a favorable combination of ceramics with metal in order to manufacture
a good material, perhaps even only showing the characteristics of a composite.

The above-mentioned concept components constitute the content of the paper. The
phenomena at the interface between the components are considered: cast iron matrix–
technical SiC as reinforcement. It is expected to form a material showing potentially
high wear resistance, based on cheap and well-known engineering materials and using
foundry technology.

Therefore, the aim of the study is to check the possibility of creating a material with
composite properties based on components showing physicochemical reactions.

During chemical reactions SiC is decomposed, while physical reactions consist in
forming solutions and phases with the components of the matrix alloy. The control and
steering of the reactions should ensure their stopping in a timely manner—so as to keep
the ceramic particles in the solidified matrix. Foundry processes provide similar conditions,
additionally allowing to control crystallization processes to optimize the microstructure
particularly in the interface of the components.

The use of silicon carbide in the metallurgy and foundry of ferrous alloys is quite
common and fundamentally different from the concept presented in the paper. In particular,
SiC is used effectively during the melting of gray cast irons of any form of graphite—from
flake to nodular form. Its acts in two ways. It increases the content of carbon and silicon in
the alloy and modifies the microstructure, thus improving the functional properties of cast
irons. In terms of technology, it is an excellent alternative to commonly used carburizers in
the form of e.g., coal coke, petroleum coke, anthracite or natural and synthetic graphites.
Increasing the silicon content in the alloys is generally carried out by adding ferrosilicon
(FeSi). In many cases, it is necessary to apply both metallurgical treatments to the liquid
alloy. Moreover, both treatments have a significant impact on the microstructural features
of cast irons. They have a positive effect on the shape, number and dispersion of the
precipitated particles of graphite. They also affect the distance between the ferrite and
cementite plates in the pearlite. The treatments of metallurgical modification optimize
the microstructure of cast irons. This is generally achieved by increasing the number of
nuclei [1–4]. It is the silicon derived from SiC that has a modifying effect, protecting the
alloy from excessive crystallization of cementite (Fe3C), which limits the crystallization of
graphite, increasing the hardness and brittleness of cast irons—usually locally in areas with
high cooling rate. Considering the above, SiC is an excellent component in metallurgical
processes for the production of cast iron, providing the desired microstructure and reducing
the sensitivity of cast iron to the cooling rate that varies across the section of castings with
different wall thicknesses. In the case under consideration, this makes an important
advantage, because fragmentation/modification of microstructure directly at the interface
between the components of composite is to be expected.

It seems that the modification treatments with SiC are gaining importance for the
so-called synthetic cast iron obtained e.g., by remelting steel scrap with low carbon content.
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Graphite morphology may be disadvantageous when using some carburizers. In such
cases, SiC has a modifying effect. An important advantage of SiC is that modification effect
is extended in time—greater stability of the crystallization nuclei, which is probably due
to the longer dissolution process compared to the alternative use of ferrosilicon (FeSi).
The mechanism of action is hypothetical. The formation of graphite clusters around SiC
particles was observed. This is the result of the local supersaturation of the bath with carbon
and silicon. Eutectic graphite clusters can be also found in the presence of ferrosilicon
(FeSi). However, their stability over time lowers [2]. It can also be hypothetically assumed
that the different diffusion of Si and C is not only local in nature, but also temporary and
periodic. Similar phenomena can be minimized by introducing SiC particles with the
minimum technologically achievable dimensions. The trend is obvious: maximization of
the contact surface of the reactants, maximization of dispersion (also in purely mathematical
terms), high reaction rate in the volume of the metal. The limitations include: a high
degree of homogenization, i.e., intensive mixing—e.g., in an arc furnace or a dedicated
induction furnace, and probably a relative shortening of the modification effect. An
example of an attempt to solve the problem is the procedure described in the patent [5],
where nanoparticles bound to microparticles can effectively act as a nucleator. The object
is a nucleating agent for casting ductile or vermicular cast iron using silicon nanocarbon.
According to the patent, the mixture of nano- and microscale SiC powder comprises
nano-SiC particles attached to the surface of micrometer-sized SiC particles.

Critically speaking, the information provided about the reactions between the key
components—the reactants, are obvious, and can be controlled by many factors. They
include temperature, component shares, granularity and time. Such a state opens up many
technological possibilities of producing a technologically advantageous and useful material
containing SiC in a matrix containing Fe.

Considering the composite production, the solutions presented above can be used
for melting the matrix in form of cast iron with the use of specialized treatments, also for
melting “synthetic” cast iron from steel scrap.

Despite the fact that SiC is thermodynamically stable, it is subject to oxidation re-
sulting in covering with SiO2 oxide on the surface. Among the reinforcement materials
in composites, this surface phase (SiO2) in some cases, in general, the oxide phase may
facilitate wetting and affect the microstructure of the transition zone depending on the
metallic matrix of the composite used. Composites based on alloys, e.g., Al with SiC
particles, are commonly known and used. Composites with dispersion reinforcement in
the form of SiC microparticles dominate here. It is common to try to minimize their size,
inter alia, in order to limit the gravitational segregation of components. This can be carried
out by increasing the share of internal friction forces and viscosity, which depend on the
particle development area. The phases of the transition zone determine the site of proper
composite formation. It is theoretically and practically the most sensitive microarea of
each composite.

With large particles, the oxide surface represents a relatively smaller share and its
possible removal should be easier. Slag-forming materials or dedicated surfactants can
thus facilitate the production of the composite in the liquid state. The controlled process of
crystallization is aimed at providing proper modification—generally the fragmentation of
the microstructure in the boundary zone of the components.

The presented system of components (FeC–SiC) basically meets all theoretical as-
sumptions for the production of a correct composite in the liquid and solid state, with the
controlled primary crystallization of the matrix and phases in the transition zone. It is
advisable to provide heat treatment, despite a significant difference in thermal expansion
of the components.

The available literature shows few similar concepts of MMCp (Fe–SiC) composite
production and significantly diversified in terms of technology and practical applications.

For example, the composite material [6] produced from silicon carbide and iron has
high strength, hardness, wear resistance, heat resistance and oxidation resistance. The
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method comprises the following steps: silicon carbide and iron powder are mixed and
evenly ground to obtain a homogeneous sample, then the material is formed using a
hydraulic press and the sample is coated with iron powder and then sintered. Thus, the
process consists of multiple stages and does not apply to the casting techniques.

Another similar solution in the field of sintering is the composite with the ferrosilicon
phase in situ [7] obtained by using the carbothermal reduction method, thanks to which a
porous composite material SiC–Fe–Si can be produced. The ingredients include: 35–73 %wt.
silicon carbide, 5–12 %wt. carbon powder and 22–53 %wt. iron oxide; the added binder
weight ranges from 1 to 5 %wt. of the total weight of the raw materials. The composite
is produced by mixing, pressing and molding, as well as sintering in argon. As in the
previous case, the process consists of multiple stages and the obtained material is porous,
which, in principle, leads to its mechanical weakening compared to monolithic materials.

Another example of creating a similar composite in terms of materials used refers
to a composite material based on iron and aluminum, enriched with silicon carbide [8].
The product has good high temperature strength and nonoxidation properties, as well
as a low thermal expansion coefficient. The silicon carbide reinforcement is 0.1–1.0 %wt.
of the total weight and the particle size ranges from 1 to 5 nm. The manufacturing
method comprises the following steps: pretreating a silicon carbide reinforcement, melting,
homogenizing annealing, forging, hot rolling, wire drawing and heat treatment. Thus,
the intended use and manufacturing technology, despite the fact that they differ from
the presented concept, indicate alternative applications and manufacturing possibilities.
Furthermore, they indicate potential directions for development by alloying the composite
with aluminum.

Potentially, the chemical components of the matrix can perfectly regulate surface
phenomena. The material quoted below was also made by using sintering techniques
with reinforcement in the form of SiC particles. This is an Fe-based composite material
reinforced with SiC particles [9]. The matrix material contains the following components
in percent by weight: 3.4–3.6 %wt. C, 1.9–2.1 %wt. Si, 0.3–0.5 %wt. Mn, 0.5–0.8 %wt. Cr,
0.1–0.2 %wt. Ti, 0.05–0.10 %wt. Te, 0.03–0.05 %wt. Mg, 0.01–0.03 %wt. Re, at most
0.05 %wt. P, at most 0.02 %wt. S and balance Fe. According to the authors, silicon carbide
particles can be well combined with the substrate to effectively improve the mechanical
properties of the material subjected to sintering and quenching. After quenching and
tempering heat treatment from 1250 ◦C, the maximum hardness and tensile strength can
reach 45.4 HRC and 1859 MPa. Because of its good mechanical properties, its practical
applications relate to specialized technical applications that are not necessarily common,
including tribological applications.

The composite presented in [10], made by using an iron alloy containing the following
components in percent by weight: 1.5–5.5 %wt. Al, 3.6–7.0 %wt. Mo, 2.0–3.3 %wt. Cu,
0.2–1.5 %wt. Cr, 12.0–22.0 %wt. Zr, 2.5–4.5 %wt. Mg, 1.0–2.0 %wt. Mn, 1.2–1.4 %wt. Si,
0.08–0.14 %wt. B and SiC whiskers, is conceptually most similar to the one presented
in this paper. Whiskers as the main hard phase can be well combined with matrix, thus
effectively improving the mechanical properties of the sintered and quenched material.
After the tempering and heat treatment is carried out, the hardness and strength of the alloy
increase significantly. There is no doubt that similar materials can be used in kinematic
pairs exposed to abrasive wear. However, the process still bypasses casting techniques,
ensuring freedom of shape and minimizing production procedures.

On the one hand, the presented examples show the high potential of Fe–SiC material
association, while on the other hand, they show specialized and precisely dedicated
technologies. The examples should be a rationale for the effective use of components that
are available and technologically friendly. By design, the presented references are not
substantially theoretically underpinned, but with the knowledge available, they can focus
many research projects on similar areas.

The practical combination of cast iron with flake graphite, together with silicon carbide,
places this material in the category of wear-resistant materials. A typical combination of
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hard and soft phases should provide the effect of minimal wear even in conditions of little
or no technical lubrication. The soft graphite phase has a lubricating effect and makes a
storehouse for wear products. The hard SiC phase increases the wear resistance, and the
ferritic-pearlitic matrix transfers loads mainly compressive in nature. Compared to typical
composites, e.g., on the Al matrix, the suggested material has a higher mass density, but
also a hypothetically greater potential for frictional wear under many different conditions
of cooperation of kinematic pairs, e.g., under conditions of erosive or abrasive wear.

Overall, the technology of casting a composite on a cast iron matrix with SiC particles
may be a favorable solution in terms of simplicity of the technology and the attractiveness
of tribological practical applications. The prerequisite is to obtain the correct surface
phenomena at the interface of the components, which was adopted as the main aim of
the study.

2. Materials and Methods

This research project presents a model that shows the matrix of the composite in the
form of the simplest gray cast irons with flake graphite, approximately eutectic with a
typical saturation factor and eutectic equivalent. The research ignores the influence of
typical alloy components increasing mechanical properties, in particular tribological ones,
e.g., carbide forming or improving castability and lowering the matrix melt viscosity. The
purpose of their use may be to increase the hardness of the metallic matrix and to facilitate
the wetting processes of SiC particles. Apart from Fe and C, this type of component
includes Si, Cr, Mo and V.

The second component, i.e., the composite reinforcement, is SiC, which is not as
obvious as the matrix material. In classic production processes, there are three classes of
commercial SiCs differing in the level of thermodynamic stability. Conditionally thermally
stable α-SiC, thermally unstable β-SiC and reactive metallurgical SiC. β-SiC is black in
color and contains more α-SiC than the green variant that has such impurities as Fe2O3,
Al2O3, CaO, SiO2, MnO2 (the terms “black”, “green” and “metallurgical” are trade names).
The chemical composition differs depending on the producer, and an example of the
differentiation of the composition of individual varieties is given in Table 1.

Table 1. Properties of silicon carbide [11].

SiC, %wt. Fe2O3, %wt. C, %wt. Magnetic
Fraction, %wt. Density, g/cm3

Green SiC

≥97.0 ≤1.0 ≤0.2 ≤0.4 3.1 ÷ 3.2

Black SiC

≥96.0 ≤1.0 ≤0.3 ≤0.4 3.1 ÷ 3.2

Metallurgical SiC

≥88.0 ≤1.0 ≤0.3 ≤0.5 3.1 ÷ 3.2

Silicon carbide together with boron carbide (B4C) are covalent carbides. The tetrahe-
dral system of covalent bonds enforces the tetrahedral ordering of Si and C atoms. Thus,
their typical structures are the analogs of sphalerite β-SiC and wurtzite α-SiC (according
to the Somerfeld rule). The β form is considered to be unstable in the entire temperature
range, but it most often crystallizes under conditions where the primary synthesis product
does not recrystallize [12]. In the literature [13], over 100 SiC polytypes have been described.
The differences of polytypes are manifested by the different sizes of unit cells. The causes
of polytypism have not yet been clearly explained.

From among the available SiC varieties, the thermally unstable β-SiC was selected
for testing, most often occurring in one basic structure of 3C sphalerite, counting on the
possibility of controlling physicochemical reactions at the contact boundary: Fe–(β-SiC)
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alloy. Confirmation of the possibility of obtaining limited reactions is the not fully satisfied
stoichiometry requirement. It is expressed by the molar ratio Si:C = 1.03:1.05. Thanks to
this, SiC undergoes slow thermal decomposition, and the resilience of the decomposition
products reach measurable values, starting from the temperature of 1500 ◦C [14].

Summing up, the tests assumed gray cast iron with flake graphite as a metallic
matrix, with the chemical composition presented in Table 2 and determined using the
LECO GDS500A (LECO Corporation, St. Joseph, MI, USA) emission spectrometer. On the
other hand, the reinforcement is β-SiC with a significant model particle size, facilitating
the wetting of the components, with a significant reserve for physicochemical reactions
reducing the volume of the reinforcement particles. The β-SiC particles with a grain size of
0.8–1.6 mm were used, while the Femet content presented in Table 3 in fact represents the
presence of iron oxide range from FeO to Fe2O3. In general, Fe2O3 oxide is the dominant one.

Table 2. Chemical composition of the metallic matrix: gray cast iron with flake graphite.

C, %wt. Si, %wt. Mn, %wt. Cr, %wt. Cu, %wt. Ni, %wt. P, %wt. S, %wt. Fe, %wt.

2.81 1.24 0.61 0.11 0.09 0.05 0.62 0.10 rest

Table 3. Chemical composition of β-SiC silicon carbide used in the tests according to the manufac-
turer’s data [15].

SiC, %wt. C, %wt. Si, %wt. SiO2, %wt. Femet, %wt.

≥97.0 ≤0.3 ≤1.0 ≤1.0 ≤0.3

The composite subjected to testing was produced by casting technology. Liquid
gray cast iron at a temperature of 1530 ◦C was poured by gravity into a sand mold with
a granular preform β-SiC placed in its cavity. Then, microscopic metallographic tests
were carried out on samples etched with Nital with the following composition: 5 mL
HNO3 + 95 mL C2H5OH using the NIKON ECLIPSE LV150N (NIKON Metrology Europe
NV, Leuven, Belgium) as OM (optical microscope) and on nonetched samples using the
Phenom ProX (Phenome-World, Eindhoven, The Netherlands) as SEM (scanning electron
microscope) with BSE (backscattered electron) imaging, 10 kV electron beam accelerating
voltage and EDS (energy dispersive spectroscopy) analysis.

3. Research Results

An example of a cross-section of a gray cast iron–silicon carbide composite produced
by the casting method is shown in Figure 1.

On the other hand, Figures 2–7 and Table 4 show the results of metallographic tests. It
was found that the obtained chemical composition of the cast iron matrix and its crystal-
lization conditions in the sand form determined the final microstructure consisting of flake
graphite in a pearlitic matrix (Figure 2). In addition to the above-mentioned phases, the
microstructure of the tested gray iron contained a small amount of steadite (phosphorus
eutectic) and nonmetallic inclusions in the form of MnS sulfides.
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Figure 2. The microstructure of gray cast iron constituting the matrix of the composite, OM, mag.
500×, etching: Nital. (A) flake graphite; (B) pearlite; (C) MnS sulfides; (D) steadite.

In the area of contact between the cast iron matrix with the particle reinforcement
β-SiC, the dispersion of flake graphite grew. The area of the fragmentation of graphite
extended into the matrix by a distance calculated in fractions of a millimeter (Figure 3a). In
addition, a significant ability of cast iron to infiltrate into the spaces between β-SiC particles
was observed. Figure 3b shows the gap filled with a metallic matrix with a thickness of tens
of µm. This effect confirms that the flowability of the cast iron used was particularly high.
That was probably caused by a local increase in the concentration of C and Si at the front
of the metal stream as a result of the component dissolution reaction in the contact of the
matrix with the reinforcement. Certain confirmation of the above statement comes from the
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results of the microanalysis of the chemical composition in point 2 in Figure 4, presented
in the form of a spectrogram in Figure 5b and in Table 4. By contrast, Figure 3c shows the
transition zone locally occurring in the area of the matrix contact with the reinforcement,
which should be classified as a group of nonwall crystals. Its location was typical for this
type of phases occurring in in situ composites. They show a significant diversity of chemical
composition and a high degree of fragmentation (Figure 6). An example of the chemical
composition of the transition zone, i.e., point 3 in Figure 4, is presented in the form of a
spectrogram in Figure 5c and Table 4. In fact, this is not a chemical compound, but rather a
phase formed at the interface between physical and chemical reactions. Precipitations of
this phase appeared in the places where the reactions occurred the earliest, and diffusion
into the matrix dis not degrade it. The chemical elements appearing in this phase included
Fe, Si, and C in descending order, while its structural components were made up of very
fine graphite in a metallic matrix (Figures 6 and 7).

Materials 2021, 14, x FOR PEER REVIEW 8 of 15 
 

 

contrast, Figure 3c shows the transition zone locally occurring in the area of the matrix 
contact with the reinforcement, which should be classified as a group of nonwall crystals. 
Its location was typical for this type of phases occurring in in situ composites. They show 
a significant diversity of chemical composition and a high degree of fragmentation (Figure 
6). An example of the chemical composition of the transition zone, i.e., point 3 in Figure 4, 
is presented in the form of a spectrogram in Figure 5c and Table 4. In fact, this is not a 
chemical compound, but rather a phase formed at the interface between physical and 
chemical reactions. Precipitations of this phase appeared in the places where the reactions 
occurred the earliest, and diffusion into the matrix dis not degrade it. The chemical 
elements appearing in this phase included Fe, Si, and C in descending order, while its 
structural components were made up of very fine graphite in a metallic matrix (Figures 6 
and 7). 

  

(a) (b) 

 

(c) 

Figure 3. Composite microstructure of gray cast iron–β-SiC in the area of the matrix contact with the reinforcement, OM, 
mag. 100×, etching: Nital. (a) A—Fragmented graphite zone; B—β-SiC reinforcement; C—transition zone 2; (b) A—metallic 
matrix (gray cast iron); B—β-SiC reinforcement; C—gap filled with a metallic matrix; (c) A—metallic matrix (gray cast 
iron); B—transition zone 1; C—β-SiC reinforcement. 

Figure 3. Composite microstructure of gray cast iron–β-SiC in the area of the matrix contact with the reinforcement, OM,
mag. 100×, etching: Nital. (a) A—Fragmented graphite zone; B—β-SiC reinforcement; C—transition zone 2; (b) A—metallic
matrix (gray cast iron); B—β-SiC reinforcement; C—gap filled with a metallic matrix; (c) A—metallic matrix (gray cast iron);
B—transition zone 1; C—β-SiC reinforcement.

8



Materials 2021, 14, 6762
Materials 2021, 14, x FOR PEER REVIEW 9 of 15 
 

 

 
Figure 4. Composite microstructure of the gray cast iron–β-SiC in the area of the matrix contact with 
the reinforcement containing marked EDS analysis points, SEM, mag. 2000×, nonetched sample; 1—
β-SiC reinforcement; 2—metallic matrix (gray cast iron); 3—transition zone 1; 4—transition zone 2. 

  
(a) (b) 

  
(c) (d) 

Figure 5. EDS point analysis spectrograms: (a) point 1 in Figure 4; (b) point 2 in Figure 4; (c) point 3 in Figure 4; (d) point 
4 in Figure 4. 

  

Figure 4. Composite microstructure of the gray cast iron–β-SiC in the area of the matrix contact with
the reinforcement containing marked EDS analysis points, SEM, mag. 2000×, nonetched sample;
1—β-SiC reinforcement; 2—metallic matrix (gray cast iron); 3—transition zone 1; 4—transition
zone 2.

Materials 2021, 14, x FOR PEER REVIEW 9 of 15 
 

 

 
Figure 4. Composite microstructure of the gray cast iron–β-SiC in the area of the matrix contact with 
the reinforcement containing marked EDS analysis points, SEM, mag. 2000×, nonetched sample; 1—
β-SiC reinforcement; 2—metallic matrix (gray cast iron); 3—transition zone 1; 4—transition zone 2. 

  
(a) (b) 

  
(c) (d) 

Figure 5. EDS point analysis spectrograms: (a) point 1 in Figure 4; (b) point 2 in Figure 4; (c) point 3 in Figure 4; (d) point 
4 in Figure 4. 

  

Figure 5. EDS point analysis spectrograms: (a) point 1 in Figure 4; (b) point 2 in Figure 4; (c) point 3 in Figure 4; (d) point 4
in Figure 4.

9



Materials 2021, 14, 6762

Table 4. The result of the EDS point analysis (marking points according to Figure 4).

C O Si Fe

%at. %wt. %at. %wt. %at. %wt. %at. %wt.

Point 1 in Figure 4

52.03 31.69 - - 47.97 68.31 - -

Point 2 in Figure 4

12.75 3.19 - - 8.25 4.83 79.00 91.97

Point 3 in Figure 4

18.49 5.19 - - 17.94 11.78 63.57 83.02

Point 4 in Figure 4

14.87 6.19 37.23 20.63 20.23 19.68 27.66 53.50

The transition zone under analysis, due to the phase composition, had mechanical
properties located between the ceramic reinforcement and the cast iron matrix. This
phase increased at the expense of the β-SiC particles, manifested by its rounded contact
surface with the reinforcement particles. This surface was different from the raw β-SiC
surface shaped by mechanical crushing. With a favorable and optimal proportion of
morphology and dispersion, this type of transition phase may minimize the effects of the
differential expansion of the two components of the composite and thus may affect its
thermal properties. The differentiation of the degree of fragmentation of the flake graphite
(Figure 6) indicates a locally variable intensity of the reaction. In addition to the effect of
different wetting processes, this may also suggest a different reactivity of the β-SiC particle
surface, which may also be justified by different specific surface, edge and tip energies of
silicon carbide crystals forming polycrystalline β-SiC particles.

The second phase of the transition zone, the chemical composition of which, i.e., point 4
in Figure 4, is shown as a spectrogram in Figure 5d and Table 4, probably composed of iron
and silicon oxide with an admixture of carbon. The presence of carbon in a significant share
(even with the error of the EDS measurement method) excludes the existence of Fe2SiO4
fayalite at the moment of capture. This was the moment when the reaction was stopped
due to cooling and crystallization of the system.
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4. Discussion of Research Results

Based on the obtained research results, the following hypothesis can be formulated
on the creation of a connection at the boundary of the contact between the cast iron
matrix and the silicon carbide particles reinforcing the composite in the casting technology
used. The oxidized surface of the β-SiC particles consists mainly of SiO2. There are two
compounds in the composition of silicon carbide in the amount of up to approx. 1%wt.
SiO2 and Fe2O3. However, in the metal bath there are iron oxides with a significant
share of Fe2O3. This is due to classic metallurgical treatments. Research by Naro [16]
showed that Fe2O3 can react with SiO2 silica to form iron silicate fayalite (Fe2SiO4) that
makes a physical barrier preventing the dissolution of gases in the metal. In the liquid
alloy β-SiC is slowly dissolved, which is a condition for the deoxidation effect [17]. In
principle, these phenomena do not apply to the case under consideration, but they should
be taken into account, as their occurrence is likely at conditions above 1500 ◦C, i.e., at the
temperature of pouring liquid cast iron into a sand mold with a β-SiC preform placed in
its cavity. Chemically bound silicon on the surface of β-SiC particles stimulates subsurface
enrichment of the particles with carbon, which, based on the difference in concentration,
diffuses into the metallic matrix in the immediate vicinity of the silicon carbide particles.
Hypothetically, the sequence of chemical reactions is as follows:

2Fe2O3 + 2SiO2 → 2Fe2SiO4 + O2 (1)

2FeO + SiO2 → Fe2SiO4 (2)

3Fe2O3 + 2SiC→ 4Fe + SiO2 + Fe2SiO4 + CO + CO2 (3)

3Fe2SiO4 + 2SiC→ 6Fe + 5SiO2 + 2CO (4)

FeO + SiC→ Fe + Si + CO (5)

3FeO + SiC→ 3Fe + SiO2 + CO (6)
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It should be emphasized that the effect of Fe3O4 oxide is generally ignored [16,17].
Probably, fayalite protects locally against physical migration of gases, so the released
oxygen O2 promotes the oxidation of another surface of exposed silicon carbide. The
periodicity of the reactions and their local character seem to be justified, as they significantly
depend on the temperature field and thermal conductivity of the composite components
in the microarea “reinforcement particle–matrix–environment”. The remaining products
are Si and CO. Silicon has a local modifying effect, while CO along with the temperature
decrease, in accordance with the Boudoudard reaction (C + CO2 ↔ 2CO), is released with
graphite “in situ”, which may have a nucleating effect on its crystallization in a metallic
matrix, i.e., ferritic, pearlitic or ferritic-pearlitic. Silicon dioxide together with fayalite
forming physical solutions should constitute the phase components in the transition zone
between the components. With a sufficiently high volume, they can segregate and constitute
slag-forming components.

In addition, carburization of the matrix may locally lower its liquidus temperature.
This in turn helps to lower the melt viscosity of the matrix, facilitating the wetting of the
β-SiC particles. This means that the physical dissolution process is not instantaneous
but progresses with the progressive thermal decomposition of β-SiC. By regulating the
temperature and pouring time in the conditions of gravity casting, it is possible to stop the
reaction by keeping the “frozen” β-SiC particles in the metallic matrix. Permanent active
reactivity perfectly improves the conditions for creating a composite connection at the
boundary of the contact of both components. In addition, graphite and pearlite are subject
to modification in the contact zone of both components, i.e., in the most sensitive zone of
each composite. The modification consists in refining and increasing the dispersion as well
as improving the morphology of graphite and refining pearlite, i.e., reducing the distance
between ferrite and cementite, while maintaining the thickness ratio in the proportion of
1:7. Such a system makes it possible to maximize the share of reinforcement in the metallic
matrix well above the classic few up to dozen %.

5. Conclusions

By analyzing the results of the conducted research, the following substantive and
application conclusions were formulated. The authors of the paper also presented the
assumptions and directions of future research in the field of technological usability of the
produced composite in configuration the gray cast iron matrix reinforced with SiC particles
from the point of view of its mechanical properties.

5.1. Substantive Conclusions

• The transitional phases at the contact point of the cast iron matrix with the silicon
carbide particles constituting the reinforcement confirm the favorable wetting phe-
nomena, conditioning the obtaining of a technologically useful composite.

• The type and morphology as well as phase dispersion in the transition zone require
optimization depending on the intended use of the products made of gray cast iron–
β-SiC composite. Typical foundry technological factors (casting parameters) make
it possible to regulate the thermal capacity of the components, the initial conditions
as well as the cooling and crystallization rate of the entire composite. Selection
of technological factors, i.e., the matrix of the molding sand, as well as the initial
temperature and mass of mold, depends on the massiveness of the casting expressed,
e.g., by the casting solidification modulus or individual thermal centers in the casting,
according to commonly used standards.

• Important for the quality of the resulting composite is the anaerobic metallic phase
identified as very fine graphite in the metallic matrix. This phase, containing Fe,
Si and C in its chemical composition, may be responsible for the fragmentation of
the microstructure of the cast iron matrix in the vicinity of the β-SiC particles, and
thus may act as a graphite modification precursor. The differentiation of the degree
of fragmentation of graphite in this phase indicates the local variability of the rate
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of physicochemical reactions occurring between the components. In addition, the
research results confirm the possibility of controlling the speed of these reactions. The
reaction rate is affected by the temperature drop in the mold in the range from the
pouring temperature to the solidus temperature. The diffusion phenomena in the
liquid state of the matrix are the strongest.

5.2. Application Conclusions

• Taking into account the mechanical properties of the gray iron matrix and the rein-
forcement in the form of β-SiC particles, it is possible to obtain the final material with
the properties of an abrasion-resistant composite. The practical verification of this
statement should be carried out on a test stand that faithfully reproduces the type of
wear depending on the working conditions of the composite machine part.

• It is anticipated that the potential applications of the composite developed are work-
ing components of mining machines for the mining industry or for brake discs. The
accepted hypothesis assumes that the use of the gray cast iron–silicon carbide com-
posite for brake discs will allow us to obtain functional properties located between the
commonly used materials, traditionally cast entirely of gray cast iron, and the special
materials based on SiC ceramics.
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Abstract: The application of thin monolayers helps to increase the endurance of a cutting tool during
the drilling process. One such trendy coating is TiAlN, which guarantees high wear resistance
and helps to “smooth out” surface defects. For this reason, a new type of weak TiAlN microlayer
with a new composition has been developed and applied using the HIPIMs magnetron sputtering
method. The aim of this study was to analyze surface-applied micro coatings, including chemical
composition (EDX) and microstructure in the area of the coatings. Microstructural characterization
and visualization of the surface structures of the TiAlN layer were performed using atomic force
microscopy. To study the surface layer of the coatings, metallographic cross-sectional samples were
prepared and monitored using light and electron microscopy methods. The microhardness of the
test layer was also determined. Analyses have shown that a 2-to-4-micron thick monolayer has a
microhardness of about 2500 HV, which can help increase the life of cutting tools.

Keywords: magnetron sputtering; HIPIMs method; TiAlN layer; XRD analysis; EDS analysis; surface
morphology; coating thickness; AFM microscopy

1. Introduction

The HIPIMS method (high power impulse magnetron sputtering) is a newly develop-
ing special PVD coating technology. It features a very high power density (1000 W/cm2)
per sputtering electrode, with very short selectable pulse times (50–200 µs), which produce
a higher plasma density than standard magnetron sputtering (>1019 m3). HIPIMS is a
progressive method of applying layers with a controlled flow of material on the substrate
due to ionization of the sprayed material. The spraying of the coatings is carried out using
a source of particles (targets) with kinetic energy, and suitable examples include, Ar +
ions, and, for layer formation, also nitrogen, carbon, oxygen, etc. This technology is used
mainly for dedusting various conductive and non-conductive elements (Ti, Al, Zr, C, Cu,
B, Si, etc.) in various proportions and together with supplied gases (nitrogen, oxygen,
methane, hydrogen, etc.) a combination of different coatings can be produced, including
non-conductive or composite layers. The elements that need to be released for coatings
are dusted off from the solid state to the gaseous state through targeted bombardment of
the source by argon and krypton atoms. The released atoms are subsequently ionized and,
together with the gas atoms that can be brought into the coating chamber, are directed from
the source target to the surface of the instruments. The result of the composition of these
atoms is a homogeneous, extremely smooth coating, without the presence of microcapsules.
Despite its increased energy intensity, it is widely used in many areas of industry, such as
aerospace, military, automotive, etc., to provide a high degree of wear resistance and to
extend tool life.
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The HIPIMS method was first described in Ehiasarian et al. [1] for the pre-treatment of
substrates before the application of nitride coatings. In their experiments, the high content
of metal ions in the bombardment flow promoted the etching of the substrate surface.
During the experiments, it was found that this bombardment contributed to the formation
of a metal-implanted region that maintained a strong bond between the coating and the
substrate.

Another large-scale work was carried out by Tiron [2], which focused on improving
the deposition rate parameter in HIPIMs technology by changing the magnetic field and
the pulse duration configurations. During the experiments, ten different materials (C, Al, Ti,
Mn, Ni, Cu, Zn, Mo, TA, and W) were used, which were subjected to magnetron sputtering
and HIPIMs discharge, without and using an external magnetic field. The results showed
that the use of an external magnetic field increased deposition rates by approximately
40% to 140%, for only the selected materials, namely Mn, Ni, Cu, and Zn. An advanced
study was carried out by Santiago [3], which was aimed at the effect of positive pulses
on HIPIMS deposition of hard carbon coatings. In the experiments, different amplitudes
of positive voltage (100 to 500 V) were used when applying carbon DLC coatings. The
results of the experiments showed that the best voltage used was 500 V, at which point an
increase in the hardness of the carbon coating was observed from 9.6 GPA to 22.5 GPA. In
their study, Sarakinos et al. [4] found that the rate of carbon deposition in HIPIMs is only
about 1.3–1.5 times higher than in conventional DC deposition using the same cathode
and the same average current. However, the films deposited with HIPIMs had a density
of 2.27–2.67 g/cm3, measured by X-ray reflectivity [5]. It was found that the sp3 fraction
of these films is from 20 to 40% when using a substrate bias UB = −125 to −175 V. On the
other hand, there are no reports yet on the ratio of the carbon ion to the neutral carbon
for HIPIMS carbon plasma. Only a few experiments have been carried out using HIPIMS
for the deposition of carbon films [6–8], Cr [9,10], Nb [11], Al, Ti, W [12], and WC [13] to
increase the adhesion of hard coatings, such as CrN or TiAlN [14]. On the other hand, the
choice of metal for sputtering is usually made by taking into account the chemical affinity
of the coating–substrate system [12]. As the main factors determining the level of adhesion,
the chemical strength of the bond was identified together with the mechanical influence of
the metal acting as a compliant interlayer reducing shear stress [14].

The HIPIMs method is a progressive method of layer deposition with control over
the material flow to the substrate due to the ionization of the sprayed material. Therefore,
extensive research and analyses of the TiAlN layer has been carried out. This layer was
invented at the Faculty of Production Technologies of UJEP and has never been studied in
a similar study. The aim of this work was to explore and analyze the TiAlN composite layer
of a new composition. Improving the quality of the material and eliminating defects can be
done by examining all factors affecting the HIPIMs process, such as, first of all, mapping
the connectivity of the layer with the basic material. Increasing surface abrasion and wear
resistance can be achieved by examining factors affecting the HIPIMS process, such as, in
particular, mapping the thickness of the layer and its compactness on the surface of the
product. The possibilities of using this alloy are extensive, from machine forging or cast
aluminum alloys, milling steels, cast steels, and cast irons to machining refractory and Ti
alloys.

2. Experimental Setup and Material
2.1. Experimental Material

For the experiment, a cutting tool was used, which was based on tungsten carbide
(WC) particles prepared using powder metallurgy and combined with Co (chemical com-
position: 88.6% W, 10.3% Co, 0.3% Cr, 0.05% Fe and 0.15% S). These materials exhibit a
high hardness and their maximum application temperature is 800–900 ◦C. The sample was
made in the form of a milling drill with the following parameters: length—100 mm and
width—13.5 mm; one such sample is shown in Figure 1.
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Figure 1. The whole body of the milling drill with a TiAlN coating applied to its working part with
the determination of the places of selection for analyses (author source).

2.2. Experimental Setup

The principle of HIPIMS PVD sputtering is shown in Figure 2; the applied substance is
the cathode (target) of the magnetron discharge. The discharge burns in a very dilute inert
gas (usually Ar) in a vacuum chamber. Above a negatively charged target (500 to 1000 V),
argon plasma is maintained, the positive ions of which are accelerated by the electric field
to the target and, upon impact, sputter it. In front of the target, a magnetic field with a
defined shape is created using an electromagnet or permanent magnets [15]. In this case,
electrons that escape from the space in front of the target during classical sputtering must
move along the helix, along the lines of force due to the Lorentz force [16,17]. Thus, their
path in the vicinity of the target is significantly lengthened, the duration of their stay in the
discharge region is also extended, and the probability of ionization of other atoms of the
working gas increases. This makes it possible to maintain a discharge at a lower pressure
(on the order of a tenth of a Pa) and at a lower voltage (on the order of a hundred volts).
In particular, the lower pressure is positively reflected in the greater purity of the formed
layers [18].

Figure 2. The principle of HIPIMs sputtering (source CemeCon) [18].

The process for the preparation of our studied composite coating on the milling drill
source targets that were used in the creation of the studied TiAlN coatings. These are plates
in which bright colored aluminum rollers were pressed. In the coating process, the source
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target (Figure 3) was bombarded with argon and krypton atoms. The released Ti + Al
particles, together with the supplied nitrogen gas, form a TiAlN coating on the surface of
the milling drill. By changing the amount of Al rollers in the titanium plate, we were able
to influence the resulting chemical composition of the coating, namely the ratio between
titanium and aluminum.

Figure 3. TiAl target with a nitrogen atmosphere for preparation of TiAlN coating (source Ceme-
Con) [18].

Before the deposition processes, all samples were cleaned in an ultrasonic bath with
ethanol for 10–15 min. After cleaning, the samples were placed in the chamber on a
rotating table at an angle of 0◦. The substrates were maintained at a constant temperature,
determined before application to be 500 ◦C for 140 min. The TiAlN layer was applied
using industrial coating device (CemeCon CC800/9XL HPPMS (CemeCon AG, Aachen,
Germany)), in the HIPIMs mode. Pre-treatment with plasma etching was chosen to purify
and activate the substrate surface prior to the deposition processes [19]. The spray device
used had four cathodes capable of operating in the DCMS mode and two cathodes in the
HIPIMS mode. The targets were installed on the HIPIMs cathode. Coatings were applied
for 200 min using TiAlN targets at 5 kW, a frequency of 1000 Hz, and a pulse duration of
100 µs. To ensure uniformity of the composition, a substrate rotation speed of 10 RPM was
used. After applying the TiAlN layers, the samples were cooled to 20 ± 5 ◦C for 30 min. A
single layer of TiAlN was applied at a size of 3 ± 1 µm.

2.3. Experimental Methods

After plasma coating with a TiAlN layer, the structure and phase composition of the
samples were analyzed using X-ray diffraction (XRD). The measurements were performed
on a PANalytical X′Pert PRO X-ray diffractometer (PANalytical, Middle Watch Swavesey,
Cambridge, UK) in a symmetrical Bragg–Brentano configuration under CuKα radiation
(λ = 1.5418 Å). The diffraction data were collected using an X′Celerator 1D detector in 2
theta range 20–80◦. The concentrations of individual elements were analyzed using tube-
above sequential wavelength dispersive X-ray fluorescence (WDXRF). The measurements
were performed on a Rigaku ZSX Primus 4 device with a XMET 8000 Geo Expert handheld
XRF analyzer (Oxford Instruments, Abingdon, UK) using the “soil” calibration. The data
were evaluated using a non-standard fundamental parameters method, which allowed the
determination of elements in the F-U range in concentrations from a hundredth of a ppm
to 100%.

Five samples were prepared using conventional techniques—wet grinding and di-
amond emulsion polishing. All samples were manually prepared. The final mechanical
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chemical finishing was performed using a Struers OPS suspension (Struers, Ballerup,
Denmark). After phosphoric acid etching, the structures of the material were observed and
documented using light microscopy on a LEXT OLS 3100 confocal laser microscope from
Olympus.

Scanning electron microscopy (SEM) was used for surface imaging of the coating with
a SEM microscope (Tescan, Lyra3 GMU, Brno, Czech Republic) and for chemical analyses of
the TiAlN micro-coating, EDS analyses were performed for the elemental distribution in the
coating in terms of homogeneity and the structure of the coating. The accelerating voltage
of the electrons was set to 5 kV. All the samples studied had to be dusted with metal to make
the surface electrically continuous. The chemical composition and atomic abundances were
studied using energy dispersive X-ray spectroscopy (EDS, X-Maxn analyzer, SDD detector
20 mm2, Oxford Instruments, Abingdon, UK). The acceleration voltage of the SEM-EDS
method was set to 5 kV.

The study of surface morphology and the roughness of the tool samples was also
assessed using atomic force microscopy (AFM) (Dimension ICON, Bruker Corp., Billerica,
MA, USA). The QNM overhead mode in air was utilized for investigations. A silicon tip
was used for the holder Si3N4, SCANASYST-AIR with a spring constant of 0.4 N·m−1.
NanoScope analysis software was employed for data processing. The mean roughness
value (Ra) represented the arithmetic mean of deviation from the median plane of the
sample. The samples were analyzed in the Scan-Assyst mode (tapping mode) using a
nitride lever (SCANASYST-AIR) with a Si tip. The typical tip radius of the curvature was
smaller than 10 nm. The effective area represents the real area with the determination
difference from the “basic” area in % (growth).

The microhardness test of milling the drill bit with the applied TiAlN coating was per-
formed according to the CSN EN ISO 6507-1 standard on a microhardness tester (Mitutoyo
HM-220) [20]. To measure the hardness, a 136◦ pyramidal diamond indenter creating a
square indent was used. The nominal value of load was HV 0.2 (F = 1961 N, 200 g), which
acted on the test specimen for 10 s. Due to the thickness of the layer, emphasis was placed
on the chosen diagonal of the indenter in order to respect the ISO 6507-1 standard.

3. Results and Discussion
3.1. Analysis of the Chemical Composition of the Milling Drill

Powerful milling drills, made of high-quality high-speed steel (HSS), which is enno-
bled with legures-tungsten, molybdenum, and chromium, are widely used in the automo-
tive, aerospace, and military industries. Spring steel used in the production of industrial
cobalt milling drills resists bending of the milling drill when drilling into a hard metal. The
combination of tungsten and cobalt, together with the optimized geometry of the tip of the
milling drill, keeps the working edges of the milling drill sharp four times longer. The pre-
pared samples were examined using XRF analyses, where the area of the examined sample,
including the result of the chemical composition, is shown in Figure 4. This analysis led
to the exact composition of the body of the core of the milling drill before its subsequent
coating. From the results of the XRF analyses, it is evident that tungsten with an 88.6%
content is the constituent material of the milling drill and there is also about 10.3% cobalt
serving as the bonding material.

XRD phase analysis was performed to determine the phase composition of the tool.
Figure 5 shows the obtained X-ray diffractograms with the diffraction peaks that were
determined using a conventional θ-2θ X-ray diffraction scan of the studied tool. The
diffractogram shows that the core of the milling drill is composed of WC. The spades
belonging to the WC are wider, with a clearly larger FWHM (full width at half maximum)
being the difference between the two values of the independent variable at which the
dependent variable is equal to half of its maximum value. That is, the particles of the WC
are fine-grained. Widespread at all peaks, WC (001), (100), (101), (110), (002), (111), (200),
and (102) were approximately the same, so they were probably regular crystallites. Another
peak at Co (111), in the diffractogram, opposite to the content of the WC, indicates the
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presence of another phase. It is noticeable that this is a cubic alpha phase, which confirms
the content of Co as a binder. Thus, the quantification of the elemental composition in the
conclusion is supported only by the chemical composition and not by the phase analysis.

Figure 4. Area of the tool core examined by XRF and its elemental representation of the tool material.

Figure 5. X-ray diffractograms of the tool core.
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3.2. EDS Coating Analysis

Among the current most-often created abrasion-resistant coatings can be found layers
based on TiAlN. This layer was developed with the need to increase the oxidation resistance
of tin layers. TiAlN layers compared to TiN, not only have higher oxidation resistance,
but also a higher hardness of about 2000 HV, which allows the use of these coatings in
intensive cutting conditions, such as high-speed machining and dry machining [21]. Point
EDS analysis of the selected location (Figure 6) shows a composite TiAlN coating with
the following percentage of elements: Ti-38.5%, Al-30.3%, N-27.3%, C-2.5%, O-1.5%. The
analysis showed that the composite TiAlN coating contained titanium, aluminum and
nitrogen. We performed a standard point analysis, followed by acquiring data from the
elemental maps. Thus, the presented spectrum was acquired from multiple points on the
sample, and is presented as a “combined” EDS spectrum, representing the average surface
chemistry of the sample’s surface. The abundance of carbon in the elemental composition
of the analyzed samples can be explained by the diffusion of this element from the substrate.
Oxygen occurs in an air atmosphere and it is probably that during sputtering, oxygen
atoms were entrained and their integration into the coating layer occurred. The ratio of
titanium to aluminum can be adjusted by the aluminum content in the target [22]. In
addition, carbon (2.5%) and oxygen (1.5%) were present in the coating in a small amount
as polluting elements originating from the used technology, which Wagner also indicated
in his study [23].

Figure 6. Selected site for spot analysis of the coating with the EDS recording of individual elements.

The following images (Figure 7) show a coated layer of TiAlN, marked with the place
of examination (letter A). There is a gradual approximation of the area shown in Figure 7a,
so that the morphology of poles can be identified from the point of view of the applied
technology of magnetron sputtering in the HIPIMs mode. In the TiAlN composite coating,
isolated individual pores of max. 8–10 µm in size (Figure 7b) or separate foreign parts with
a size max. of 10–15 µm (Figure 7c) are present. The images show that the morphology
of the TiAlN coating was formed by lamination of the lamellas next to each other, where
the individual lamellas are uniform over a narrow size range and reach a thickness in the
range of 0.7–1.0 µm (Figure 7d). A similar morphology was studied in the publication by
Wagner [23] or Jiang [24]. The same phenomenon was studied in all five samples examined
in this study.
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Figure 7. SEM secondary electron mode (SE) images of the place of examination, marked with the
letter A (a), details (b–d) provide a detailed view of the morphology of the TiAlN coating.

EDS analysis was also performed using a scanning electron microscope, which showed
a very uniform distribution of individual elements in a given layer. The distribution of
the elements used for coating (titanium, aluminum, and nitrogen), as well as carbon as an
alloying element, was monitored and shown in Figure 8. From the point of view of the doc-
umented results of the distribution of the individual elements, it can be concluded that the
distribution of all elements is very homogeneous, and two areas of greater inhomogeneity
are noticeable for carbon compared to the rest of the studied area.

Figure 8. EDS analysis of the layout of individual elements in the TiAlN layer.
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SEM of the TiAlN coating are provided in Figure 9. A linear EDS analysis of the
individual elements located in this area was performed.

Figure 9. The morphology of the resulting micro-coat in a cross section (SEM) including the EDS measurement in a straight
line.

The average thickness of the PVD coatings, as determined by SEM, was 1.5–1.7 µm
(Figure 9). TiAlN coatings were characterized by a fine-grained microstructure with a
low porosity, small internal stresses, excellent adhesion and a good thermal stability [25].
However, looking at the morphology of the micro-coating in detail, the compactness of this
layer is observed to have a small number of pores. Moreover, in this area, with the help of
linear EDS analysis, it can be seen that no expansion joint was found between the layer
and the base substrate. Figure 9 also shows good adhesion between the layer and the base
material. In the examined area of the layer (1–3 µm), a gradual decrease of Al is evident.
This phenomenon was caused by the process of magnetron sputtering, in which Al was
diffused into the base material [26]. A similar phenomenon can also be seen with nitrogen
and very slightly with Ti (due to the fact that the differential potential of Ti compared
to Al is much smaller [27]). During the magnetron sputtering process, W particles were
also bombarded into the coating (at the bottom of the coating). This indicates a very good
interconnection of the coating and the base material.

3.3. Analysis of the Surface of the Milling Drill by AFM Microscopy

Before carrying out the analyses, the samples were degreased with technical alcohol
for 10 s. Subsequently, the surface morphology and roughness of the samples were studied
using atomic force microscopy (AFM). As can be seen from the atomic force microscopy
(and optical microscope) images, the surface of the milling drill also showed a sharper mor-
phology (Figure 10) in accordance with the results from the scanning electron microscope.
As introduced in [28], Ra and RMS values are dependent on the scan length; therefore, we
introduced the saturated values in our paper.
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Figure 10. AFM analysis of the surface morphology and roughness: (a) analysis of tool and (b) 3D map of the tool-Ra =
20.5 nm, RMS = 25.8 nm, (c,d) detailed analysis of the tool-Ra = 17.5 nm, RMS = 22.4 nm.

Average roughness, Ra, is defined as the mean surface roughness representing the
arithmetic mean of the deviations from the mean (zero) area. Compared to the interval of
max/min heights (from −100 nm to 100 nm) it is commonly known that the value, as the
result of Ra analysis, is much lower compared to Zmin and Z max.

Ra =

N
∑

i=1

∣∣Zi − Zcp
∣∣

N
,

Zcp is the Z value of the center (zero) area, Zi is the current Z value, and N is the
number of points in the scan (512 × 512 for our case).

The mean roughness (Ra) is the mean of deviations from the mean plane of the sample.
As can be seen from the images from the atomic force microscopy (and optical microscopy),
the surface of the milling drill also has a sharper morphology (Figure 10a) in accordance
with the results from the scanning electron microscope, with a roughness of 20.5 nm
for a square of 10 × 10 µm2. In the analysis of the surface details (square 1 × 1 µm2),
sharper nanostructures, homogenously distributed on the surface, with sizes in the range
of 15–30 nm, are visible (Figure 10c,d). Shaded images (Figure 10a–d) were also used as
alternative images for all 2D samples. The shaded versions and the corresponding “normal”
2D (Figure 10c,d) and 3D (Figure 10b) versions are one and the same, only “artificial
lighting” from the software was used to make the details more visible. Unfortunately, no
similar study of the roughness of these surfaces has been performed, so the results cannot
be compared.
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3.4. Analysis of the Connection of the TiAlN Coating on the Working Part of the Milling Drill

Analysis and measurement of the thickness of the TiAlN coating was carried out in
the working part of the milling drill, in a perpendicular section, using an OLS 3000 laser
focal microscope (Figure 11a). The measurement was along the entire working length of
the milling drill, in a perpendicular section from the tip, the side blade, and the side nail to
the facet, in a total measured length of 6.4 mm.
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Figure 11. Display of the measured length of the coated TiAlN layer of the tool (a) showing the place of the coated layer (b)
of the tool where the coating is almost completely absent (c).

The measured thickness of the TiAlN layers range from 0.57 µm to max. 1.76 µm
(Figure 11b), but, for example, about 0.3 and 0.5 µm from the tip, there are places that are
practically without a layer (Figure 11c). From the overall visualization of the measured
section of 6.4 mm, four places (marked with the letters A, B, C, D) are visible where the
layer thickness is practically zero (marked with a circle in Figure 12). Therefore, it will
be necessary to change the position of the milling drill a bit more when coating, so that
even shielded areas are covered and a more even coating is achieved. Another method that
could allow a uniform distribution of the coating is the combination of the TiAlN/TiAlCN
coating mentioned by Tillmann [29] and Xiang [30].
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3.5. Hardness Measurement

Table 1 shows the average value of the Vickers hardness measurements of the substrate
and the measurements of coated layer hardness. Twenty measurements were done on
each specimen and the average values were taken (10 for the basic substrate and 10 for
the TiAlN coating). The determined hardness of the hard WC–Co metal was 1800 HV and
corresponded to the value reported in the literature [31].

Table 1. Representation of the hardness measurement result, HV.

Coating Number of Layers Hardness, HV

None - 1800

TiAlN Single layer 2500

Due to the measured values of microhardness, one can clearly observe a steep increase
in the values of microhardness of the applied TiAlN coating. The applied monolayer also
showed high values of microhardness, max. 2500 HV. Similar results were achieved in the
work of Wei [32]. In comparison with that publication, where the micro-layer of TiN/TiAlN
had a microhardness of 3000 HV, the applied monolayer described in this article reached
almost the same indicators, namely 2500 HV.

4. Conclusions

The analyses presented in this publication focused on the study of a new multi-layer
micro-permeability for cutting tools from WC alloy, intended for drilling into hard metal.
The following conclusions were drawn:

• From the results of XRF analyses, it is evident that tungsten with 88.6% content
together with WC carbon was the constituent material of the milling drill;

• EDS analyses of the composite TiAlN coating showed that the morphology of the
TiAlN coating was formed by lamination of the lamellas next to each other, where the
individual lamellas are uniform over a narrow size range and reach a thickness in the
range of 0.7–1.0 µm;

• EDS analyses proved very good homogenization of individual elements and their
uniform representation in a given layer (titanium, aluminum, and nitrogen);
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• Based on AFM analyses, we can conclude that the TiAlN layer showed sharper
nanostructures, homogeneously distributed on the surface, with sizes in the range of
15–30 nm;

• The Ra parameter for the TiAlN layer was 17.5 to 20.5 nm;
• In some places, about 0.3 and 0.5 mm from the tip, there were places with practically

no layer and, overall, in the 6.4 mm section, there are four places where the layer
thickness was practically zero;

• The applied layer of TiAlN had a microhardness of about 2500 HV compared to the
basic substrate, which had a microhardness of about 1800 HV.

From this it can be concluded that the technology of magnetron coating using the
HIPIMs method will guarantee the required excellent homogeneity in the distribution of
individual elements in the coating of the milling drill, but it will not guarantee a uniform
thickness of the coating for more complex shapes. It will be necessary to change the position
of the milling drill more when coating, so that even the shaded places are covered and a
more even coating is obtained.
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Abstract: Sn-based Babbitt alloy was reinforced with alumina nanoparticles to prepare a novel class of
nanocomposites. The route of liquid metallurgy in combination with stirring mechanism was chosen
to prepare nanocomposites with three different loadings of alumina nanoparticles, i.e., 0.25 wt%,
0.50 wt% and 1.0 wt%. The molten mixture of metallic matrix and nanoparticles was poured over
carbon steel substrate for solidification to manufacture a bimetallic material for bearing applications.
The underlying aim was to understand the effect of nanoparticle addition on microstructural variation
of Sn-based Babbitt alloy as well as bimetallic microstructural interface. The addition of 0.25 wt%
and 0.50 wt% alumina nanoparticles significantly affected both the morphology and distribution of
Cu6Sn5 hard phase in solid solution, which changed from needle and asterisk shape to spherical
morphology. Nanocomposites containing up to 0.50 wt% nanoparticles showed more improvement
in tensile strength than the one containing 1.0 wt% nanoparticles, due to nanoparticle-agglomeration
and micro-cracks at the interface. The addition of 0.5 wt% nanoparticles significantly improved the
wear resistance of Sn-based Babbitt alloy.

Keywords: nanocomposite; nanoparticle; microstructure; mechanical; Babbitt; alumina

1. Introduction

In any engine, bearings are used to support moving mechanical parts, which protect them from
frictional degradation. The importance of stronger bearing materials becomes many fold in powerful
engines. Similarly, the significance of bearings in other mechanical systems such as pumps and
turbines cannot be underestimated, and both the improved wear resistance and reliability of frictional
components in terms of their mechanical strength become the prime requisites [1]. White metal is one
of the bearing alloys that offers desired bearing surface properties in plain bearings; the common alloys
have tin and lead as leading metals and are widely used in friction assemblies such as compressors,
turbines, vehicles, and many other frictional units [2]. Babbitt alloys have two important lead-based
and tin-based families. Generally poured bearing and insert bearings are made of Babbitt alloys;
insert bearings have a backing of steel with inner layer made of Babbitt alloy. Lead-based Babbitt
alloys have an outstanding low-load bearing characteristics. However, lead is a weak material and
therefore tin, copper and antimony are added for improved strength [3].

One of the techniques to improve the mechanical and frictional properties of bearing materials
is the incorporation of second phase as reinforcement. The resultant hybrid material named as
composite provides tailored properties especially suitable for bearing applications [4]. After the arrival
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of nanotechnology, a novel class of composites emerged as nanocomposites containing reinforcements
with one of their dimensions in nanometer scale [5,6]. Nano-reinforcements of zero, single and
two-dimensions have been incorporated to prepare nanocomposites [7]. In addition to solitary
reinforcement [8], dual reinforcements have also been incorporated at similar [9] and multiscale [10]
levels. Among the three types of nanocomposites containing polymeric [11], ceramic [12] and
metallic [13] matrices, comparatively little attention has been paid to nanocomposites containing
ceramic and metallic matrices and still lesser to metallic matrices. In this context, the combination of
traditional bearing materials with nano-reinforcements can lead to a novel class of nanocomposites
ideally suitable for high performance bearing applications.

The two common processes appropriate for developing advanced metallic materials are: (a) new
alloy formation and (b) novel heat-treatment process. The manufacturing of nanocomposites offers
another route to prepare metal matrix composites containing nano-reinforcement of high strength
and stiffness: typically ceramic materials. The nanoreinforcement of size down to nanometer-scale
provides an opportunity to interact with dislocations and hence improve the mechanical properties
of matrix material through novel strengthening mechanisms and thus remarkable improvement in
mechanical properties [14].

A range of ceramic nano-reinforcements including alumina, silicon carbide, silicon dioxide,
silicon nitride and zirconium dioxide have been incorporated into different metallic matrices such as
aluminum, copper, magnesium, titanium and iron. Both liquid and solid-state processing routes have
been utilized to prepare nanocomposites. Liquid processing routes offer better densification while
solid-state routes provide better distribution of nano-reinforcement. To achieve optimum properties
of nanocomposites, both near-theoretical density and uniform dispersion of nano-reinforcements
are fundamental requirements. Liquid metallurgy in combination with stirring technique offer
better dispersion while solid-state processing primarily powder metallurgy in combination with
pressure-assisted techniques such as hot-pressing and spark plasma sintering provides better
densification. The low wettability of ceramic nano-reinforcements with metallic matrices leads
to their poor dispersion, which can be improved by chemical and mechanical routes. In addition to
the ex-situ incorporation of nano-reinforcements, in-situ formation of nano-reinforcements has also
been investigated. Finally, friction stir processing is another solid-state processing route to prepare
nanocomposites with improved mechanical performance.

Among a variety of metallic matrices, aluminum and its alloys are widely used for preparing
nanocomposites, and scarce attention has been paid to improve the mechanical properties of bearing
materials by adopting the technique of composite preparation. Recently, carbon nanotubes have been
added in white metal (Babbitt), which increased its wear resistance to almost an order of magnitude [15].

In the present work, alumina nanoparticles have been incorporated in Sn-based Babbitt alloy
through stir casting technique. The developed nanocomposite was bonded with carbon steel substrate
to prepare a bimetallic material for bearing applications. The underlying aim was to investigate the
effect of ceramic nanoparticles addition upon the microstructural evolution and resultant mechanical
property improvement especially tribology. Another objective was to observe the microstructural
interface of nanocomposites with carbon steel substrate.

2. Materials and Methods

Alumina nanoparticles of spherical morphology and average particle size of ~50nm were used
as nano-reinforcement, as procured from Metkon Technology. Tin-based Babbitt alloy (Rotometals,
San Leandro, CA, USA) was used as the matrix material to prepare nanocomposites. To prepare the
bimetallic material, carbon steel was used for bonding with nanocomposites. The chemical compositions
of Sn-based Babbitt alloy and carbon steel (local manufacturing Co., Riyadh, Saudi Arabia) are given in
Table 1. Chemical composition of Sn- Babbitt alloy shown in Table 1 as per conducting by manufacturing
company (Rotometals). For carbon steel substrate, ASCert metal scan analyzers (Arun Technology,
Crawley, UK) was used for chemical analysis.
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Table 1. Chemical compositions of tin-based Babbitt alloy and carbon steel substrate.

Materials
Chemical Compositions (wt.%)

Sb Cu Pb C Si Mn Cr Sn Fe

Tin Babbitt Alloy 6.5–7.5 2.5–3.5 0.35 - - - - Bal.
Carbon Steel - 0.20 - 0.14 0.30 0.48 0.14 - Bal.

A charge of 400 g of tin-based Babbitt alloy was placed in a graphite crucible and heated in electrical
furnace to a temperature of 375 ◦C (heating rate = 9.4 ◦C/min.). Subsequently alumina nanoparticles
were added after lowering the temperature to 330◦C (cooling rate = 5.6 ◦C/min.) in a semi-solid state
of alloy. Alumina nanoparticles were wrapped in aluminum foil and were directly immersed in small
packages. The stirring operation was performed continuously during the addition of nanoparticles.
The semi-solid slurry was then heated to 420 ◦C so that a fully liquid state could be achieved before
pouring. The stirring in semi-solid state was performed at a speed of 800 rpm for 10 min, which was
followed by stirring at 200 rpm until pouring.

The stirring was carried out mechanically using a two-blade impeller. After mixing and stirring
stage, the molten metal was poured on a tinned carbon steel substrate, which was inserted into a
pre-heated metallic mold at 150 ◦C. The carbon steel substrate had a thickness of 4mm and diameter
59 mm. The schematic of the process is presented in Figures 1 and 2 along with the images of the
furnace, stirring mechanism, metallic mold and carbon steel substrate. Tinning process of carbon steel
substrate involves the deposition of metallic tin and flux mixture on the surface of steel, as explained
elsewhere [16].
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Nanocomposites of three types were prepared after incorporating three loading fractions of
alumina nanoparticles in tin-based Babbitt alloy, i.e., 0.25 wt%, 0.50 wt% and 1.0 wt%. A reference
sample without the addition of alumina nanoparticles was also prepared. For preparing bimetallic
sample, the same type of carbon steel was used.

Optical microscopy was performed to observe the microstructure of bimetallic specimens
containing nanocomposite and carbon steel alongwith their interface. The specimens were cut,
ground, polished and etched with a solution of 4% nital (96% ethical alcohol and 4% nitric acid
HNO3). Optical microscope fitted with digital camera (Olympus GX51, Tokyo, Japan) was used
for microstructural investigations at magnifications of 200× and 500×). For electron micrsocopy,
field emission gun scanning electron microscope (FEG-SEM, FEI, Eindhoven, The Netherlands) was
utilized by a Quanta 250 FEG, (Eindhoven, The Netherlands) with energy-dispersive X-ray spectroscopy
(EDS) was used. Interface between the nanocomposites and substrate steel was observed in electron
microscopy and compositional analysis was performed using EDS. Moreover, SEM and EDS was also
performed on the worn surfaces after wear tests, as discussed further below.

The hardness of nanocomposites was tested using Vickers microhardness testing machine (VLS
3853, Shimadzu, Japan). The hardness testing was performed at the load of 1kgf for the dwell time of 5
sec. The specimens were polished until the surface finish of 1 µm. At least five readings of each of the
nanocomposite were taken for the average value of hardness.

The tensile and shear testing until complete failure of the bond were conducted using tensile
testing machine Instron 5969 characterized by a maximum load of 50 KN. The interfacial shear strength
was measured by a tensile shear method. The dimensions of tensile shear specimen are reported in a
previous work [17].

To evaluate the wear resistance of nanocomposites, pin-on-ring wear test was performed. The fixed
samples of nanocomposites were tested against the rotating steel wheel at a constant speed of 260 rpm
for 10 min under a constant loading of 28N.The wear resistance of the samples was measured in terms
of the weight-loss.

3. Results

3.1. Microstructure of Reinforced Sn-based Babbitt Alloy and Bimetal Interface

Microstructures of both of the materials used in the fabrication of tin-based Babbitt alloy/carbon
steel bimetallic composite are shown in Figure 3 while Figure 4 shows SEM microstructures (Figure 4a,c)
and EDS analysis (Figure 4b,d) of Cu6Sn5 hard phase and matrix of tin-based Babbitt alloy of bimetallic
material. Figure 3a shows an optical microstructure of Sn-based Babbitt alloy revealing Cu6Sn5

and SnSb phases reinforced in solid solution of SnSbCu matrix. Cu6Sn5 phase has the shape of
needles and asterisks. The microstructure of a matrix of solid solution with hard embedded phases
of Cu6Sn5 and SnSb make a metal matrix composite possessing fatigue resistant properties [17–19].
Previous studies [20–22] reveal that the variation in the chemical composition of tin-based Babbitt
alloy modifies the microstructure. Alloys containing less than 8% Sb are characterized by a solid
solution with distributed needles of Cu6Sn5, copper-rich constituents and fine precipitates of SbSn.
On the contrary, the alloys containing greater than 8% Sb exhibit a primary cuboid phase of SbSn.
The microstructure of Sn-based Babbitt alloy acquired in the present study is in good agreement with
those available in literature [20–22]. The microstructure of low carbon steel substrate (Figure 3b) shows
the two very common phases of ferrite and pearlite; the mutual percentage of the presence of two
phases verifies the carbon content in the steel.

34



Materials 2020, 13, 2759
Materials 2020, 13, x FOR PEER REVIEW 5 of 13 

 

 
Figure 3. Microstructures of (a) tin-based Babbitt alloy, and (b) steel substrate, used for preparing 
bimetallic casting. 

 

Figure 4. (a,c) SEM images of tin-based Babbitt alloy and (b,d) graphical presentation of EDS 
microanalysis of precipitates (Area 1) and matrix (Area 2) in Sn-based Babbitt alloy. 

Figure 5 shows the microstructures of Sn-based Babbitt alloy without (Figure 5a) and with three 
different loadings of alumina nanoparticles, i.e., 0.25 wt%, 0.50 wt%, and 1.0 wt%, correspondingly 
(Figures 5b–d). The addition of alumina nanoparticles significantly affected both the morphology and 
distribution of Cu6Sn5 hard phase in solid solution. It is evident that Cu6Sn5 phase changed from 
needle and asterisk shape to spherical morphology after the addition of alumina nanoparticles. 
Pervious study [23] reported that addition of Al2O3 nanocomposites to hyper-eutectic Al-Si alloy, 
change the morphology of primary Si to a typical polyhedral shape. A possible reason of the change 
in the morphology of Cu6Sn5 phase from needle to spherical shape may be the hindrance in the 
growth due to the presence of alumina nanoparticles. However, a trend of Cu6Sn5 phase 
agglomeration was observed as the alumina nanoparticle content increased to 1.0 wt% loading where 
clearly identifiable regions of Cu6Sn5-rich and Cu6Sn5-depleted phases can be seen (Figure 5d). It may 
be due to the reason that at 1.0 wt% content, alumina nanoparticles could not be dispersed uniformly 
and at alumina-rich regions, the growth of Cu6Sn5 phase was very low and vice versa. 

Figure 3. Microstructures of (a) tin-based Babbitt alloy, and (b) steel substrate, used for preparing
bimetallic casting.

Materials 2020, 13, x FOR PEER REVIEW 5 of 13 

 

 
Figure 3. Microstructures of (a) tin-based Babbitt alloy, and (b) steel substrate, used for preparing 
bimetallic casting. 

 

Figure 4. (a,c) SEM images of tin-based Babbitt alloy and (b,d) graphical presentation of EDS 
microanalysis of precipitates (Area 1) and matrix (Area 2) in Sn-based Babbitt alloy. 

Figure 5 shows the microstructures of Sn-based Babbitt alloy without (Figure 5a) and with three 
different loadings of alumina nanoparticles, i.e., 0.25 wt%, 0.50 wt%, and 1.0 wt%, correspondingly 
(Figures 5b–d). The addition of alumina nanoparticles significantly affected both the morphology and 
distribution of Cu6Sn5 hard phase in solid solution. It is evident that Cu6Sn5 phase changed from 
needle and asterisk shape to spherical morphology after the addition of alumina nanoparticles. 
Pervious study [23] reported that addition of Al2O3 nanocomposites to hyper-eutectic Al-Si alloy, 
change the morphology of primary Si to a typical polyhedral shape. A possible reason of the change 
in the morphology of Cu6Sn5 phase from needle to spherical shape may be the hindrance in the 
growth due to the presence of alumina nanoparticles. However, a trend of Cu6Sn5 phase 
agglomeration was observed as the alumina nanoparticle content increased to 1.0 wt% loading where 
clearly identifiable regions of Cu6Sn5-rich and Cu6Sn5-depleted phases can be seen (Figure 5d). It may 
be due to the reason that at 1.0 wt% content, alumina nanoparticles could not be dispersed uniformly 
and at alumina-rich regions, the growth of Cu6Sn5 phase was very low and vice versa. 

Figure 4. (a,c) SEM images of tin-based Babbitt alloy and (b,d) graphical presentation of EDS
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Figure 5 shows the microstructures of Sn-based Babbitt alloy without (Figure 5a) and with three
different loadings of alumina nanoparticles, i.e., 0.25 wt%, 0.50 wt%, and 1.0 wt%, correspondingly
(Figure 5b–d). The addition of alumina nanoparticles significantly affected both the morphology
and distribution of Cu6Sn5 hard phase in solid solution. It is evident that Cu6Sn5 phase changed
from needle and asterisk shape to spherical morphology after the addition of alumina nanoparticles.
Pervious study [23] reported that addition of Al2O3 nanocomposites to hyper-eutectic Al-Si alloy,
change the morphology of primary Si to a typical polyhedral shape. A possible reason of the change in
the morphology of Cu6Sn5 phase from needle to spherical shape may be the hindrance in the growth
due to the presence of alumina nanoparticles. However, a trend of Cu6Sn5 phase agglomeration was
observed as the alumina nanoparticle content increased to 1.0 wt% loading where clearly identifiable
regions of Cu6Sn5-rich and Cu6Sn5-depleted phases can be seen (Figure 5d). It may be due to the reason
that at 1.0 wt% content, alumina nanoparticles could not be dispersed uniformly and at alumina-rich
regions, the growth of Cu6Sn5 phase was very low and vice versa.
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Figure 5. Microstructures of (a) tin-based Babbitt alloy, and tin-based Babbitt nanocomposites containing
(b) 0.25 wt%, (c) 0.50 wt%, and (d) 1.0 wt% alumina nanoparticles correspondingly.

The microstructures of interfaces of bimetallic samples containing tin-based Babbitt alloy with
and without the addition of alumina nanoparticles and substrate steel are shown in Figure 6. A visual
observation of the interfacial microstructures of bimetallic interface shows a good bonding between
the two metallic parts, i.e., nanocomposites of tin-based Babbitt alloy matrix containing alumina
nanoparticles and carbon steel substrate. A uniform interfacial bonding is observed, which shows that
the molten nanocomposite solidified on the surface of steel substrate in such way that no interfacial
defects were noted. Tin-based Babbitt alloy with 0.25 wt% and 0.50 wt% additions of alumina
nanoparticles revealed a good quality of interfacial bonding compared with 1 wt% addition.
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Figure 6. SEM images of interfaces in tin-based Babbitt/steel bimetallic cast specimens with different
loading fraction of alumina nanoparticles in tin-based Babbitt alloy: (a) 0 wt %, (b) 0.25 wt%, (c) 0.50 wt%
and (d) 1.0 wt%.
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Interfacial micro-voids of tin-based Babbitt alloy with and without alumina nanoparticles were
observed, as shown in Figure 7. EDS analysis of the micro-voids show the presence of all elements as
found in both metals (Figure 7b). It was reported [24] that hot tearing resistance of the A206/1 wt%
Al2O3 nanocomposite was significantly better than that of the pure A206 alloy. The nanocomposite
containing 1.0 wt% alumina nanoparticles showed micro-crack (Figure 7d), which is another indication
of the presence of alumina nanoparticle agglomerates. In case the nanoparticles were not completely
wetted by the surrounding matrix material, these acted as defects and raised the localized stress level
thus initiating cracks, as observed in Figure 7d. However, no such indication was noted without the
addition of nanoparticles (Figure 7a) and with the incorporation of 0.50 wt% nanoparticles (Figure 7c).
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Figure 7. SEM images of interfaces in tin-based Babbitt/steel bimetallic specimens with different loading
fractions of alumina nanoparticles in tin-based Babbitt alloy: (a) 0 wt%, (c) 0.50 wt% and (d) 1.0 wt%.
(b) EDS of tin-based Babbitt interface with 0 wt%.

Figure 8 shows the SEM image and EDS analysis of nanocomposite containing 0.50 wt% alumina
nanoparticles. The EDS area analysis shows the presence of Al and O atoms in both the Cu6Sn5

phase and Sn-based Babbitt matrix. It is clear that the concentration of Al and O in Babbitt matrix is
relatively higher than that found in Cu6Sn5 phase. The EDS area analysis shows that the presence
of Al2O3 nanoparticles in Babbitt matrix is relatively high compared to that found in Cu6Sn5 phase.
The modification in Cu6Sn5 phase may be attributed to the result of the effect of pushed γ-Al2O3 on
restricting the growth of the particles during solidification into remaining liquid.
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Figure 8. (a) SEM image of tin-based Babbitt alloy nanocomposite containing 0.5 wt% alumina
nanoparticles, (b) and (c) graphical presentation of EDS results at two selected areas of matrix and
Cu6Sn5 Phase consequently.

3.2. Mechanical Properties of Reinforced Sn-based Babbitt Alloy and Bimetal Interface

The hardness values of three nanocomposites and the reference sample of Sn-based Babbitt alloy
are shown in Figure 9 and Table 2. It can be seen that the hardness of Sn-based Babbitt material was
improved after the addition of alumina nanoparticles up to 0.5 wt%. In contrast, a minor decrease
in hardness was noticed with rising content of nanoparticles up to 1.0 wt%. The modification in the
morphology of hard Cu6Sn5 phase and its uniform distribution is the reason of high hardness up to
0.5 wt%. Otherwise, it can be inferred that the rising effect in hardness in nanocomposites was nullified
by the gradual agglomeration of nanoparticles in their increasing content. A secondary effect may be
due to the change in the morphology of hard Cu6Sn5 phase along with the presence of Cu6Sn5 phase
agglomerates [23]. Nevertheless no significant decline in hardness profile was observed, which could
otherwise be improved by increasing the quality of nanoparticle dispersion keeping in view the large
difference in the hardness values of metallic tin-based Babbitt alloy and alumina.Materials 2020, 13, x FOR PEER REVIEW 9 of 13 
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Figure 9. Hardness values of tin-based Babbitt alloy nanocomposite containing alumina nanoparticles.
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Table 2. Tensile strength, hardness and shear strength of tin-based Babbitt/carbon steel bimetal with
without Al2O3 nanoparticles additions.

S/N Composition
Sn-Babbitt Zone Interface Zone

Tensile
Strength, MPa

Hardness,
HV

Shear Strength,
MPa

1 Sn-Babbitt/steel bimetal 56 ± 5.6 19.5 ± 1.08 27.2 ± 1.36
2 Sn-Babbitt + 0.25% Al2O3 nanoparticles/steel bimetal 65 ± 6.5 22.5 ± 1.13 29.9 ± 1.50
3 Sn-Babbitt + 0.50% Al2O3 nanoparticles/steel bimetal 68 ± 6.8 24.0 ± 1.13 30.6 ± 1.53
4 Sn-Babbitt + 1.00% Al2O3 nanoparticles/steel bimetal 63 ± 6.3 21.6 ± 1.08 27.7 ± 1.39

The average tensile strength values of nanocomposites containing three different nanoparticle
loadings and corresponding shear strength values of bimetallic interfaces are shown in Figure 10 and
Table 2. The addition of nanoparticles increased the strength up to 68 MPa with 0.50 wt% loading
showing a rise of 21% in comparison to reference as-cast matrix. However, a further rise in nanoparticle
addition up to 1.0 wt% reversed the rising trend and a decrease in strength was witnessed. A similar
trend was observed in interfacial shear strength of the three nanocomposites after preparing bimetallic
materials with carbon steel, i.e., maximum strength was observed at 0.50 wt% loading which decreased
by further addition.
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Figure 10. The average tensile strength values of nanocomposites containing alumina nanoparticles
and average shear strength values of corresponding bimetallic interfaces.

3.3. Wear Properties of Reinforced Sn-based Babbitt Alloy

Figure 11 shows the variation in weight-loss against the loading fraction of alumina nanoparticles
in Sn-based Babbitt alloy. A value of 2.1 ± 0.1 mg was noted in unloaded sample of tin-based Babbitt
alloy, which dramatically decreased to 1.30 ± 0.07 mg after adding 0.25 wt% alumina nanoparticles,
which decreased further to 1 ± 0.05 mg at 0.5 wt% alumina nanoparticles. However, a regain in the
value was noted by increasing the nanoparticle content to 1.0 wt%, i.e., 1.82 ± 0.09 mg. It can be
seen that the addition of nanoparticles up to the values of 0.50 wt% decreased the weight-loss but
further rise in the content of nanoparticles led to their agglomeration, which increased the weight-loss.
Indeed poor dispersion of nanoparticles produces defects, which are actually the unfilled matrix areas
between nanoparticles. These unfilled matrix areas or the space between particles is in fact the inability
of the matrix to encapsulate the nano-reinforcement. Each nanocomposite manufacturing technique
has a limitation in the loading fraction of the nano-reinforcement. In the present work, the stirring
parameters together with the associated manufacturing setup provided a maximum nanoparticle
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dispersion of 0.5 wt%. As a result, the wear properties were also found optimum at the same loading
fraction of nanoparticles.
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Figure 11. The average wear results of tin-based Babbitt alloy reinforced with alumina nanoparticles.

Figure 12 shows the SEM images of the worn surfaces of four types of specimens with and without
nanoparticle addition along with the EDS results of unloaded sample at two points. The results of EDS
analysis shown in Figure 4e,f confirmed that the proper peaks of elements coming from the SnSbCu
matrix are clearer for two selected areas of the worn surfaces of Sn-based Babbitt alloy without Al2O3

nanoparticles addition. A lower content of Sb and Cu, as well as other additives nanoparticles in
matrix, directly influences the hardness, as well as tribological properties of this area of Sn- based
Babbitt structure. No cracks were observed on the wear tracks formed on the surfaces of the specimens.
The grooves can be seen parallel to the sliding direction. The maximum wear was observed in the
unloaded specimen, which may be due to large plastic deformation owing to low hardness value.
With the systematic increase in hard nanoparticles in the matrix, the mechanism of wear shifted from
adhesive to abrasive wear. As the contacting surface is steel during the wear test, therefore, an adhesion
of tin-based Babbitt alloy was seen in the specimen without alumina nanoparticles, which shifted
to abrasion in the presence of nanoparticles in specimens up to 1.0 wt%. The worn surfaces also
became gradually smoother in the presence of nanoparticles. However, in specimen containing 1.0 wt%
nanoparticles, the presence of defects resulted in poor density and, hence, the increased rate of material
removal though the evidence of abrasive wear is evident.

The decrease in weight-loss in the wear test may be attributed to the change in the morphology
of Cu6Sn5 phase from asterisk and needle shape to a spherical shape. A spherical shape is always
smoother than the asterisk and needle shape and may have the ability to wear less in comparison to
the other two shapes. During the wear test, the contacting surface may slip over the spherical shape in
comparison to breaking the edges of needle and asterisk shapes. As evidence, tin-based Babbitt alloy
exhibited the maximum weight-loss, which decreased with the addition of alumina nanoparticles,
which changes the shape of Cu6Sn5 phase from asterisk and needle shape to spherical shape. However,
the effect of the change in the morphology of Cu6Sn5 phase was nullified due to their agglomeration at
1 wt% alumina nanoparticle loading. The Cu6Sn5-rich and Cu6Sn5-depleted regions clearly developed
identifiable soft and hard regions. Soft regions may have shown more wear and hard regions may have
exhibited more pull-out phenomenon. At the same time, the loading of 1 wt% alumina nanoparticles
may also have developed nanoparticle-agglomerates, which also adversely affected the wear process.
Nevertheless, the minimum wear and weight-loss was observed at the loading of 0.50 wt% alumina
nanoparticles, which is highly desirable for bearing applications.
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areas of worn surfaces Sn-based Babbitt alloy without Al2O3 nanoparticles addition.

4. Discussion

The acquired results show that alumina nanoparticle loadings of 0.25 wt% and 0.50 wt% increase
the hardness, tensile strength, and wear resistance of Sn-based Babbitt alloy, which decrease by further
addition in nanoparticles. A possible reason may be the misfit effect in the lattice parameters of the
matrix phase, which may be due to the result of cooling induced changes caused by the difference
between the coefficients of thermal expansion between the Cu6Sn5 phase and the nanoparticles, thus
resulting in an increase in the hardness [25]. Moreover, enhanced dislocation generation and reduced
Cu6Sn5 phase owing to the presence of the nanoparticles may be contributing to the increased hardness
of the Sn-based Babbitt matrix. In addition to mismatch effect in thermal expansion, the increase in the
hardness is also mismatch in elastic moduli of the nanoparticles.

It has been shown [26] that the addition of the alumina nanoparticles results in a constraint in
the plastic flow of matrix. This matrix can flow only with the movement of nanoparticles or over the
particles during plastic deformation. The matrix shows a constrained plastic deformation because of
smaller inter-particle distance and results in improvement in the flow stress. Finally, the strengthening
mechanisms that are well-documented for coarse-grained metals and alloys can also operate
in nano-crystalline materials after being modified by nano-scale particles and non-equilibrium
microstructures [27]. It is suggested that the alumina nano-particles contributed to Orowan hardening.
Hence, nano-dispersed cast structures carry both the nature of composites and refined Sn-based Babbitt
structures. It is therefore important at this stage to understand the active strengthening mechanisms
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in nanoparticle-reinforced Sn-based Babbitt materials, as this could be the key to developing novel
microstructures with improved properties.

5. Conclusions

A novel class of nanocomposites containing alumina nanoparticles in Sn-based Babbitt alloy was
prepared with nanoparticle additions of 0.25 wt%, 0.50 wt%, and 1.0 wt%. It was found that the
addition of nanoparticles changed the morphology of Cu6Sn5 phase from needle and asterisk shape to
a spherical form. A parallel trend of Cu6Sn5 phase agglomeration was also observed while increasing
nanoparticle content leading to identifiable Cu6Sn5-rich and Cu6Sn5-depleted areas. Sn-based Babbitt
alloy with 0.25 wt% and 0.50 wt% nanoparticles revealed improvements in the tensile strength and
quality of interfacial bonding, while the one containing 1.0 wt% nanoparticles showed lower tensile
and shear strength values due to nanoparticles agglomerations in the matrix and micro-cracks at the
interface. A substantial decrease in weight-loss was observed in the wear test by adding 0.5 wt%
nanoparticles, which otherwise increased at 1.0 wt% loading. The developed bimetallic material
containing 0.50 wt% alumina nanoparticles in Sn-based Babbitt alloy bonded with carbon steel substrate
may be considered as a promising material for high-performance bearing applications.
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Abstract: In situ TiC-reinforced composite surface layers (TRLs) were produced on a ductile cast
iron substrate by laser surface alloying (LA) using pure Ti powder and mixtures of Ti-Cr and Ti-Mo
powders. During LA with pure Ti, the intensity of fluid flow in the molten pool, which determines
the TRL’s compositional uniformity, and thus Ti content in the alloyed zone, was directly affected by
the fraction of synthesized TiC particles in the melt—with increasing the TiC fraction, the convection
was gradually reduced. The introduction of additional Cr or Mo powders into the molten pool, due to
their beneficial effect on the intensity of the molten pool convection, elevated the Ti concentration
in the melt, and, thus, the TiC fraction in the TRL. It was found that the melt enrichment of Cr,
in conjunction with non-equilibrium cooling conditions, suppressed the martensitic transformation
of the matrix, which lowered the total hardness of the TRL. Moreover, the presence of Cr in the melt
(~3 wt%) altered the growth morphology of the synthesized primary TiC precipitates compared with
that obtained using pure Ti. The addition of Mo in the melt produced (Ti, Mo)C primary precipitates
that exhibited a nonuniform Mo distribution (coring structure). The dissolution of Mo in the primary
TiC precipitates did not affect its growth morphology.

Keywords: laser surface alloying; ductile cast iron; in situ composite; titanium carbide

1. Introduction

Recently, there has been considerable interest in improving the wear properties of machine parts’
working surfaces made from ductile cast iron (DCI) using laser surface treatment methods [1–7].
A highly effective approach to enhance the wear properties of metallic substrates is the formation of
metal matrix composite (MMC) surface layers via laser alloying (LA) [8–10]. The wear performance of
MMC materials is strongly affected by the morphology, fraction, and types of reinforcing particles,
as well as the microstructure of the matrix [11–13]. Thus, the processing conditions and the chemical
composition of the alloying material are extremely important to obtain the desired wear properties [14].
Depending on the chemistry of the alloying material, LA can produce MMC surface layers on cast
iron substrates using both ex-situ and in situ routes [15–17]. The in situ MMCs offer the advantage
of stronger interfacial bonding between reinforcements and matrix materials than ex-situ MMCs.
Moreover, the in situ synthesized reinforcing phases exhibit higher chemical and thermal stability
(long-term stability) [18,19]. High C contents in cast iron substrates provide excellent conditions
for the in situ formation of MMC surface layers via LA, with elements that tend to form carbides.
Several studies on the LA of cast iron substrates have focused on the in situ synthesis of TiC-reinforced
layers (TRLs) by introducing Ti into the molten pool [16,20–26]. From the point of view of the wear
properties, the microstructure of the synthesized TRLs should contain a martensitic matrix with
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homogeneously-dispersed TiC precipitates [24,26]. Moreover, published data on the wear performance
of Fe-based MMCs reinforced with TiC phase suggest a significant increase in the wear resistance of
TRLs with increasing the TiC fraction [24,26–29]. However, reported works have shown that during
the in situ synthesis of TRLs on cast iron substrates via LA, it is difficult to maintain a homogeneous
dispersion of the reinforcing phase upon increasing the Ti concentration in the melt [23]. As a
consequence, control over the fraction and growth morphology of the TiC particles, and also the phase
composition of the matrix, is highly limited.

Previous studies [23–25] were undertaken to determine the feasibility of the in situ synthesis of
TRLs on the DCI substrate via LA with pure Ti powder. The aim of that investigation was to establish
the processing conditions that allowed the use of the entire C content in the processed substrate
to optimize the TRL’s microstructure, i.e., to achieve the highest possible TiC fraction and a fully
martensitic matrix. However, the results indicated that a limited amount of Ti can be introduced into
the molten pool while maintaining a homogeneous dispersion of the reinforcing phase in the matrix.
This limitation was a consequence of a gradual decrease in the intensity of the fluid flow in the molten
pool with an increasing TiC fraction in the melt.

In general, the current work extends the concept outlined in earlier works, with an emphasis on
assessing the possibility of influencing both the microstructural characteristics of TRL and the intensity
of the fluid flow in the molten pool by properly selecting the alloying material chemistry. The primary
objective was to determine the effect of the presence of additional Cr and Mo in the molten pool,
during the LA of the DCI substrate with Ti, on the growth morphology of TiC particles and also the
microstructure of the matrix.

2. Materials and Methods

50 × 50 × 10 mm plates of DCI-grade EN-GJS-700-2 were used as a substrate material (SM).
The SM composition, as analyzed by glow discharge optical emission spectrometry, is given in Table 1.
The alloying materials were prepared using commercially available powders of pure Ti (99% purity,
the particle size range of 45 to 70 µm, H.C. Starck), pure Cr (99% purity, the particle size range of 45 to
70 µm, abcr GmbH), and pure Mo (99.95% purity, the particle size range of 5 to 10 µm, abcr GmbH).
Based on unpublished work [30], Ti-Mo and Ti-Cr powder mixtures were prepared in weight percentage
ratios of 80–20. The main purpose of the additional introduction of Cr and Mo powders into the molten
pool during the synthesis of TRLs was to affect the morphology and composition of the reinforcing
phase (TiC precipitates) and also the phase composition of the matrix material. For comparative
purposes, the alloying process was also conducted with pure Ti powder.

Table 1. Chemical composition of the used ductile cast iron (DCI) grade EN-GJS-700-2 (wt%).

C Si Cu Mn Cr Ni Ti Mo S P Fe

3.60 2.51 0.78 0.25 0.02 0.04 0.02 0.02 0.005 0.016 balance

The LA trials were conducted using an experimental setup with a diode laser (DL020, Rofin-Sinar
Laser GmbH, Hamburg, Germany). A detailed description of the experimental setup and the laser
processing conditions are given elsewhere [24]. A laser beam spot size (rectangular in shape) was
1.5 × 6.6 mm. During all trials, the laser spot was located on the top surface of SM, and the fast-axis of
the laser beam was set parallel to the scanning direction. Based on previous work [23–25], the laser
power and traverse speed were held constant at 1500 W and 1.25 mm/s, respectively. The powder feed
rates depended on the type of the alloying material and are listed in Table 2.
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To investigate the influence of the alloying material chemistry on the maximal possible Ti
concentration in the molten pool and the compositional homogeneity of the alloyed zone, single-alloyed
beads (SAB) were produced (Table 2). For microstructure analysis of the TRLs synthesized at different
melt compositions, surface alloyed layers (SAL) were produced via a multi-pass overlapping alloying
process with an overlap ratio of 30% (Tables 3 and 4). Abbreviations used in the manuscript are also
listed in Appendix A.

Table 3. Effect of the chemical composition of the alloying material on the microstructural parameters
of the surface alloyed layers (SALs).

TRL No.
Processing

Condition No.
(Table 2) 1

α-Fe
(Martensite)

Fraction (wt%) 2

Retained
Austenite

Fraction (wt%) 2

Cementite
Fraction
(vol%)

TiC Fraction
(vol%)

TR T2 66.4 ± 1.1 15.3 ± 1.4 8.1 ± 2.9 15.4 ± 2.1
TRC TC3 52.9 ± 1.6 23.7 ± 1.2 2.1 ± 0.6 20.8 ± 1.1
TRM TM3 69.1 ± 1.4 5.7 ± 1.4 1.9 ± 0.6 21.1 ± 1.3

1 Overlap ratio: 30%; 2 based on the Rietveld refinement of X-ray diffraction (XRD) data.

Table 4. Chemical compositions of the SALs.

TRL No.
Element (wt%)

C Ti Cr Mo Mn Si Cu S P Fe

TR 3.15 9.5 0.05 0.02 0.13 1.99 0.79 0.148 0.023 balance
TRC 3.10 12.4 2.87 0.04 0.13 1.90 0.81 0.181 0.025 balance
TRM 3.07 10.5 0.06 3.15 0.14 1.85 0.76 0.177 0.023 balance

Geometrical parameters of SABs and SALs were measured with an optical microscope (Eclipse
MA100, Nikon Corporation, Tokyo, Japan) and image processing software Nikon NIS-EBR (ver. 3.13,
Nikon Corporation, Tokyo, Japan).

The microstructure of TRLs was characterized by scanning electron microscopy (SEM) with
energy-dispersive spectroscopy (EDS) analysis and X-ray diffraction (XRD). EDS measurements were
performed at an accelerating voltage of 15 kV. EDAX Genesis software (ver. 6.0, EDAX Inc., Mahwah,
NJ, USA) was used for the collection and analysis of EDS data. The quantitative EDS analysis
was made to estimate the concentration of the alloying material in the matrix and also to confirm
the compositional homogeneity of the alloyed layers. Additionally, chemical analysis of the SM
and SALs was performed on ground surface specimens using a LECO GDS 500A optical emission
spectrometer (LECO Corporation, St. Joseph, Michigan, USA). The C concentration in the SM was
determined using a LECO CS125 Carbon Analyzer (LECO Corporation, St. Joseph, Michigan, USA).
The procedures and equipment used during microstructural characterization are described in greater
detail elsewhere [24,25].

Hardness measurements were made on cross-sections of SALs using a Vickers hardness tester
(401 MVD, Wilson Wolpert Instruments, Aachen, Germany). Hardness profiles were determined with
a 200 g load. The matrix material hardness was measured with a 25 g load applied over 10 s.

3. Results and Discussion

3.1. Macrostructure Analysis

Figures 1 and 2 present a series of cross-sectional optical macrographs of the SABs produced using
Ti-Cr and Ti-Mo powder mixtures respectively, at different powder feed rates. The corresponding
cross-sectional areas of the SAB and concentrations of alloying elements in the bead are summarized in
Table 2. A detailed description of the effect of the powder feed rate of pure Ti on the shape of the alloyed
zone can be found in previous works [23–25]. It has been reported that, during synthesis with pure Ti
powder, the presence of TiC precipitates in the melt leads to a decrease in the intensity of the fluid flow
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in the molten pool, which reduces the compositional homogeneity of the alloyed zone [24,25]. Table 2
shows that for SABs produced using a pure Ti, upon increasing the Ti content, i.e., upon increasing the
fraction of TiC precipitates in the melt, the fusion area of the SAB decreased. The reduction of the fusion
area is, to a certain extent, associated with the fact that the energy of the laser beam melts the alloying
powder. On the other hand, the TiC precipitates formed due to an exothermic reaction between Ti
and C in the molten pool. Consequently, the higher fraction of TiC precipitates (associated with a
higher Ti concentration in the melt) leads to a larger amount of heat generated directly in the molten
pool. However, the calculation of the heat generated during the reaction between Ti and C for the TiC
content of 15 vol% (SAB no. T2, Table 2) indicated that its value is negligible (~18 J/mm) compared
with the heat input of the process (1200 J/mm—the ratio of the laser power and the traverse speed).
The above calculations considered the value of enthalpy (∆H = −203 kJ/mol [31]) of the formation
of TiC at 2000 ◦C (the temperature established during examination of the thermal conditions in the
molten pool [32]).
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Figure 2. Optical macrographs of the SABs produced using a powder mixture of 80Ti-20Mo
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Interestingly, the use of a Ti-Cr powder mixture increased the fusion zone upon increasing the
amount of alloying material introduced into the molten pool in the optimal powder feed rate range
(Table 2). The fusion zone shape of SABs produced with Cr addition indicates that the coefficient of the
surface tension temperature on the molten pool surface was positive, producing fluid flow inward
along the molten pool surface [33–35]. The increase in the powder feed rate increased the fluid flow
intensity, leading to a deeper molten pool. In the case of the Ti-Mo mixture, despite an increased
powder feed rate, the cross-sectional area of the SAB was generally constant within the optimal powder
feed rate range.

From the point of view of shaping the TRL’s microstructure, the use of a complex powder mixture
increased the amount of alloying materials in the molten pool at a given heat input (Table 2). This,
in turn, significantly increased the Ti content and, thus, the TiC fraction in the uniformly alloyed
bead compared with that processed with pure Ti (Table 3). Additionally, the homogeneity of the
TiC dispersion throughout the alloyed zone was also improved (Figure 3). Note that, based on the
thermodynamic calculations (for 3.6 wt% of C in the DCI substrate), the Ti concentration leading to
the formation of a microstructure composed of TiC precipitates embedded in a martensitic matrix
was estimated to be in the range of 12 to 13 wt% [24,25]. In the case of SABs made with an 80Ti-20Cr
powder mixture, the Ti content reached 11.6 wt% (SAB no. TC3, Table 2). The multi-pass overlapping
alloying process under the above processing conditions using an overlap ratio of 30% ensured the
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production of homogenous SALs (TRC, Table 3) with average Ti and Cr contents of 12.4 and 2.9 wt%
respectively, and a uniform thickness of ~1.9 mm (Figure 4a). In turn, the use of the 80Ti-20Mo powder
mixture produced a uniform SAB containing up to 9.9 wt% Ti and 2.8 wt% Mo (SAB no. TM3, Table 2).
The corresponding SALs (TRM, Table 3) produced at an overlap ratio of 30% contained about 10.5 wt%
Ti and 3.1 wt% Mo. The thickness of this SAL was about 1.6 mm (Figure 4b).
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Regardless of the used alloying material, both SABs and SALs contained cracks induced due to a
lack of preheating the substrate. The chemistry of alloying material had little effect on the cracking
tendency of the alloyed zone. All types of SALs exhibited minor porosity and negligible tendency to a
formation of microvoids.

It should be pointed out that the research program adopted in the presented work was not directly
aimed at fully understanding the above effect of Cr and Mo on the heat and fluid flow phenomena in
the molten pool during the investigated LA process. The complexity of the heat and mass transfer
phenomena in the molten pool, especially comprising the significant changes in the surface and bulk
chemical composition of the molten pool, requires a detailed examination using both experimental and
numerical approaches. However, the results of the performed research revealed a possible factor that
may affect the observed changes in the intensity of the fluid flow in the molten pool.

It is well known that mass transport in the molten pool can be substantially altered by the presence
of surface-active trace elements such as sulfur and oxygen. Additionally, it is well documented [33,34]
that in the case of Fe-based alloys, surface-active trace elements affect the molten pool shape by altering
surface tension gradients, leading to changes in both the magnitude of fluid flow and its direction in
the molten pool. The chemical analysis presented in Table 4 revealed a significantly elevated S content
in all SALs compared with that of the as-received DCI (Table 1). The S content in the as-received
DCI was approximately 0.005 wt%. In the case of the SALs produced with added pure Ti powder,
the S content gradually increased upon increasing the Ti concentration [25], i.e., with increasing the
powder feed rate, and reached 0.148 wt%. The SALs produced using powder mixtures of 80Ti-20Cr
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and 80Ti-20Mo under the optimal processing parameters exhibited essentially the same sulfur content
of 0.180 wt%. Thus, the elevated S content in all types of SALs was associated with the purity of the
alloying powders. Based upon investigations on the heat transport in the molten pool [35], which
indicate that small concentrations of surface-active elements can significantly alter the magnitude of
surface tension, it is suggested that the above differences in the S content may affect the intensity of
fluid flow in the molten pool.

Summarizing the above results, the introduction of additional Cr or Mo powder into the molten
pool during the LA of the DCI with Ti powder enables significantly higher Ti concentrations in the
uniform SAL relative to that achieved using a pure Ti powder by influencing the intensity of fluid
flow in the molten pool. However, a full understanding of this phenomenon requires additional
examinations and presents a challenge for further research.

3.2. Microstructural Analysis

BSE SEM micrographs taken from different locations of the TRC and TRM are presented in
Figures 5 and 6, respectively. Representative XRD patterns for TRC and TRM are presented in
Figure 7a,b, respectively. A detailed microstructural characteristic of TRL synthesized during LA
with a pure Ti powder is presented in previous works [23–25]. The chemical compositions and
microstructural parameters of the TRLs produced using all types of alloying materials are outlined in
Tables 3 and 4, respectively.
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Figure 5. BSE SEM images showing the microstructure of TRC (Table 3): (a) mid-section of the layer, 

(b) the overlap boundary of the layer, (c) a detail from (a) showing the primary (P) and eutectic (E) 
Figure 5. BSE SEM images showing the microstructure of TRC (Table 3): (a) mid-section of the layer,
(b) the overlap boundary of the layer, (c) a detail from (a) showing the primary (P) and eutectic (E) TiC
precipitates, and (d) a detail from (a) showing the distribution of eutectic-like structures formed during
the last stages of solidification (c).
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The micrograph analysis showed that the TRC and TRM exhibit a highly uniform distribution of
TiC precipitates throughout the matrix and have similar fractions of about 21 vol%. This TiC fraction
is close to that predicted by the thermodynamic calculations for the processed DCI substrate [24,25].
As a result, both the TRC and TRM contained minor fractions of the cementite phase (~2 vol%).
Moreover, in contrast to the TRLs formed with pure Ti [25], there is no evidence of graphitization in the
heat-affected zone (HAZ) between consecutive beads in SALs (Figures 5b and 6d). As can be seen from
Figures 5c and 6c, the obtained TRC and TRM compositions also led to the formation of fine eutectic
precipitates of the TiC phase with a plate-like morphology.
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Figure 6. BSE SEM images showing the microstructure of the TRM (Table 3): (a) mid-section of the
layer, (b) a detail from (a) showing typical morphology of primary TiC precipitates, (c) a detail from
(a) showing a distribution of primary (P) and eutectic (E) TiC precipitates, and (d) image taken from the
overlap boundary of the layer.

The microstructure of the TRC also contained a minor amount of fine eutectic-like regions
that exhibited two discrete structures (Figure 8a). The corresponding SEM elemental mapping
(Figure 8c–g) indicated C enrichment in both structures, wherein that containing remarkably larger
lamellar precipitates was also significantly enriched in Cr. In contrast, the structures composed of
fibrous-like precipitates (Figure 8b) were depleted in Cr and enriched in Si. Moreover, the elemental
maps of C and Ti clearly suggest the presence of TiC precipitates within this eutectic-like region.
The above eutectic-like regions formed as a result of the last solidification stages in the Fe-C-Ti-Cr alloy
system taking place under non-equilibrium conditions. It is reasonable to assume that the lamellar
precipitates enriched in Cr were (Fe, Cr)3C phase. Quantitative analysis of the micrographs indicated
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an average volume fraction of (Fe, Cr)3C precipitates in the TRC of 2.1% ± 0.6%. (Fe, Cr)3C phase was
not detected by the XRD due to the low fraction of this phase.

The typical eutectic-like structure formed during the last stages of solidification in TRM is
presented in Figure 9. The fraction of these eutectic regions in the layer was estimated to be 1.9 ± 0.6
vol%. As in the case of (Fe, Cr)3C phase in TRC, the XRD did not detect the presence of these eutectic
precipitates. However, considering the morphology of the above eutectic-like structure and the
chemistry of the layer, one can assume that it contained mainly the cementite phase.
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Figure 8. (a,b) SEM micrographs taken from the mid-section of the TRC (Table 3) showing eutectic-like
structures due to the last solidification stages, (b) detail from (a), and (c–g) EDS maps of C, Si, Ti, Cr,
and Fe distributions respectively, from (a).

The metallographic data indicate that the addition of Cr significantly elevated the retained
austenite fraction in the matrix material (Table 3). The fraction of retained austenite in the TRC was
estimated to be 24 wt%, whereas the TRM had austenite fractions of about 5.7 wt%. The overall high
retained austenite fraction in the TRC was directly attributed to the combined effect of non-equilibrium
cooling conditions in the molten pool and enrichment of primary austenite grains in Cr, which
inhibited the martensitic transformation. Based on the SEM/EDS analysis, the Cr content in the
martensitic/austenitic matrix was approximately 2.4 wt%. The suppressed martensitic transformation
in the laser-processed SALs on the DCI substrate by relatively low Cr additions has been reported in
the previous work [36].
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Figure 9. In-lens SEM micrograph taken from the mid-section of the TRM (Table 3) showing the
eutectic-like structures (C) as a result of the last solidification stages.

The TRC exhibited a non-uniform distribution of retained austenite throughout the layer because
of the overlap reheating during multi-pass alloying (Figure 5a,b). Metallographic data suggest that,
in the HAZ between consecutive beads in the TRC, a significant retained austenite fraction was
converted to martensite due to reheating in this region. This is supported by the hardness distribution
in the layer discussed in the next section. In turn, the microstructural characteristics of the TRM clearly
show a Mo concentration of about 3.1 wt% in the molten pool during the LA, which Ti provides a
completely martensitic matrix, as desired. Furthermore, minor microstructural changes in the overlap
boundary (not a significantly elevated austenite fraction) indicates a notable improvement in the
thermal stability of the TRM matrix compared with that of the TRC.

Note that in the case of the cubic MC carbide, Mo is a reactive element, i.e., Mo atoms can
substitute for Ti atoms to form (Ti, Mo)C phase [37]. Thus, the addition of Mo into the melt provided
an opportunity to change the composition of the synthesized cubic MC (TiC) carbide and led to the
formation of primary and eutectic (Ti, Mo)C precipitates (Figure 10). It should be pointed out the
SEM/EDS analysis detected negligible Mo content in the TRM matrix material. This indicates that the
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entire amount of Mo introduced into the molten pool dissolved in the TiC phase. Thus, considering the
total concentration of MC carbide-forming elements in the melt (~10.5 wt% of Ti and ~3.1 wt% of Mo),
it can be concluded that the TRM composition was optimal from a thermodynamics perspective, i.e.,
required to achieve the highest possible TiC fraction and a fully martensitic matrix [24,25]. Primary
(Ti, Mo)C precipitates were observed in the compositional gradient between the core and outer layer
(coring). The SEM/EDS elemental mapping, presented in Figure 10, suggests that the center of the
primary dendritic (Ti, Mo)C precipitates was depleted in Mo, whereas the outer regions solidified
with progressively higher Mo concentrations. A detailed characterization of the primary (Ti, Mo)C
precipitates is presented elsewhere [38].
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Figure 10. (a) BSE SEM micrograph taken from the mid-section of the TRM (Table 3), showing
the primary (Ti, Mo)C precipitates in dendritic form and eutectic plate-like (Ti, Mo) C precipitates,
and (b–d) corresponding distribution maps of C, Ti, and Mo, respectively.

As expected, based on reported data [39,40], Cr addition did not affect the composition of the
synthesized TiC precipitates. The EDS elemental mappings presented in Figure 11 indicted homogenous
compositions of the TiC precipitates in TRC. Figure 11 also shows a distribution of the previously
mentioned Cr-rich eutectic regions in the martensitic/austenitic matrix of TRC.

Quantitative metallography revealed that, despite the same fractions of primary TiC/(Ti, Mo)C
precipitates, TRC exhibited a slightly lower mean free path (MFP) than TRM. The MFP of TRC and
TRM were 15.1 ± 2.4 and 17.6 ± 3.4 µm respectively, which was directly attributed to differences
in the morphology between dendritic precipitates of primary TiC and (Ti, Mo)C phase. It is
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well-established that the MFP of composites depends on both the fraction and morphology of
the reinforcing particles [41,42]. Comparing the primary TiC precipitates in TRC (Figures 5, 11a
and 12a) and (Ti, Mo)C in TRM (Figures 6, 10a and 12b) shows that the difference in the composition
of the molten pool affected the growth morphology of the primary TiC/(Ti, Mo)C phase. The TiC
precipitates in TRC have markedly thinner primary and secondary arms compared with (Ti, Mo)C in
TRM. For comparative purposes, Figure 13 presents an SEM image taken of the TRL processed with
pure Ti, which was non-uniformly alloyed, but the analyzed region contained approximately 12.5 wt%
Ti (the same Ti content as in the TRC). This micrograph generally showed the same growth morphology
of the primary TiC phase as (Ti, Mo)C, proving that Mo addition did not affect the morphology of the
primary (Ti, Mo)C phase in the TRM. Thus, it is reasonable to suggest that Cr addition during the
investigated LA process influenced the nucleation or growth mechanism of crystals of the primary TiC
phase. It was reported in several works [43–48] that the growth morphology of TiC crystals during the
melt reaction method strongly depends on the composition of the melt environment.
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Figure 13. BSE SEM micrograph taken from the TRL region processed with pure Ti containing
approximately 12.5 wt% Ti.

3.3. Hardness Analysis

Figure 14a,b shows typical hardness depth profiles of TRC and TRM, respectively.
The corresponding hardness profiles across the overlap boundary in these layers are presented
in Figure 14c,d. In general, due to the minor fraction of retained austenite, the TRM exhibited a higher
overall hardness (610 ± 20 HV0.2) than the TRC (545 ± 25 HV0.2). Moreover, the Mo addition during
the investigated LA process provided an almost homogeneous hardness distribution in the layer,
even at the overlap boundary region (Figure 14d). The hardness uniformity of the TRM confirms that
the addition of Mo produced a matrix material with high thermal stability. In the case of the TRC,
as previously mentioned in the microstructure section, Cr addition leads to a relatively high fraction
of retained austenite that, in turn, undergoes martensitic transformation in the HAZ of the overlap
boundary, resulting in large hardness variations in the layer. The average hardness of the matrix in
the TRM was estimated to be 580 ± 34 HV0.025. In the case of TRC, the matrix hardness ranged from
480 ± 32 to 550 ± 41 HV0.025 near the center of a single processed bead and in the HAZ of the overlap
boundary, respectively.
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4. Conclusions

This manuscript presented a novel approach to the in situ synthesis of TiC-reinforced composite
surface layers on DCI substrates via LA that, by properly selecting the molten pool composition,
changed the characteristics of TiC precipitates, the phase composition of the matrix material, and also
the dispersion uniformity of TiC phase. In contrast to alloying with pure Ti, using 80Ti-20Cr and
80Ti-20Mo (weight ratio) powder mixtures produced the optimal TiC fraction from a thermodynamics
perspective, i.e., the highest possible TiC fraction for the C content in the processed DCI [24]. As a result,
the developed approach makes it possible to convert an as-cast structure into a composite structure
containing TiC precipitates uniformly dispersed in the completely metallic matrix (eutectic cementite
was limited to ~2 vol%). However, the presence of additional Cr in the molten pool, in conjunction
with non-equilibrium cooling conditions, suppressed the martensitic transformation of the matrix
material, leading to an undesired elevated amount of retained austenite (~24 wt%), and, consequently,
a low matrix hardness. Additionally, the elevated retained austenite fraction in the matrix significantly
changed the hardness in the overlap boundary in the SAL. In contrast, the addition of Mo to the melt
led to the formation of an almost fully martensitic matrix (~5.7 wt% of retained austenite fraction),
ensuring a uniform hardness distribution throughout the SAL.
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It was found that the introduction of Mo into the molten pool led to the synthesis of primary and
eutectic precipitates of (Ti, Mo)C phase. The primary (Ti, Mo)C precipitates exhibited a nonuniform
Mo distribution (coring structure). The growth morphology of the primary (Ti, Mo)C precipitates
was similar to that of TiC precipitates synthesized during processing using pure Ti. The presence of
additional Cr in the molten pool did not affect the composition of the primary TiC phase. However,
the melt enrichment of Cr (~3 wt%) refined the primary dendritic precipitates of TiC phase compared
with that formed during alloying with a pure Ti and Ti-Mo powder mixture. As a result, at a constant
fraction of TiC precipitates, the mean free path between the reinforcing precipitates was reduced.

Funding: Publication supported under the Rector’s grant in the area of research and development. The Silesian
University of Technology, 10/050/RGP_20/0078.

Conflicts of Interest: The authors declare no conflict of interest.

Appendix A

TRL TiC-reinforced composite surface layer
LA Laser surface alloying
DCI Ductile cast iron
MMC Metal matrix composite
SM Substrate material
SAB Single-alloyed bead
SAL Surface alloyed layer (the layer produced via a multi-pass overlapping alloying process)
TRC SAL produced using a powder mixture of Ti-Cr
TRM SAL produced using a powder mixture of Ti-Mo
TR SAL produced using a pure Ti powder
HAZ Heat-affected zone
MFP Mean free path
BSE Back-Scattered Electron
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Abstract: Interfacial bonding highly affects the quality of bimetallic bearing materials, which primarily
depend upon the surface quality of a solid metal substrate in liquid–solid compound casting. In many
cases, an intermediate thin metallic layer is deposited on the solid substrate before depositing the
liquid metal, which improves the interfacial bonding of the opposing materials. The present work aims
to develop and optimize the tinning process of a solid carbon steel substrate after incorporating flux
constituents with the tin powder. Five ratios of tin-to-flux—i.e., 1:1, 1:5, 1:10, 1:15, and 1:20—were used
for tinning process of carbon steel solid substrate. Furthermore, the effect of volume ratios of liquid
Al-based bearing alloy to solid steel substrate were also varied—i.e., 5:1, 6.5:1 and 8.5:1—to optimize
the microstructural and mechanical performance, which were evaluated by interfacial microstructural
investigation, bonding area determination, hardness and interfacial strength measurements. It was
found that a tin-to-flux ratio of 1:10 offered the optimum performance in AlSn12Si4Cu1/steel bimetallic
materials, showing a homogenous and continuous interfacial layer structure, while tinned steels using
other percentages showed discontinuous and thin layers, as in 1:5 and 1:15, respectively. Furthermore,
bimetallic interfacial bonding area and hardness increased by increasing the volume ratio of liquid Al
alloy to solid steel substrate. A complete interface bonding area was achieved by using the volume
ratio of liquid Al alloy to solid steel substrate of ≥8.5.

Keywords: nanocomposite; nanoparticle; bimetallic; mechanical; interfacial; compound casting

1. Introduction

Although the development of bimetallic bearings is progressing unceasingly, the stringent
requirements of preparing ideal bearings have yet not been achieved. Simultaneously, the demand
for outstanding quality bearings is rising continuously with the emergence of advanced technologies
in turbines and jet engines. In gas and steam turbines, bearings are used for supporting and
positioning the rotating components while journal or roller bearings provide radial support, and axial
positioning is acquired by thrust bearings. Ball or roller bearings are generally used for radial
support in aircraft jet engines. The desired attributes while designing the bearings are long service
life, high reliability, and economic efficiency. Moreover, load, speed, lubrication, temperature,
shaft arrangement, mounting/dismounting, noise and environmental conditions are other influencing
factors that are considered by design engineers to meet the above specifications.

In most cases, main bearings, such as journal and thrust bearings, are manufactured from bimetallic
materials. Bimetallic materials can be fabricated by bonding similar and dissimilar materials. Because
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of their unique physical, wear and mechanical properties, bimetallic materials were classified as
advanced functional materials [1]. The quality of bearings and their lifetime are governed by their wear
behavior—i.e., working layer, and bonding strength between the pair metals. The wear behavior of the
working layer depends primarily on the bearing material and its structure. The bond between the two
metals often depends on their physical, thermal and chemical properties, as well as their fabrication
techniques [2–4].

Various techniques have been used to fabricate bimetallic bearings, such as casting, welding
cast-rolling, cladding and powder metallurgy [1,5–7]. Liquid–solid casting (compound casting) is a
unique technique for the fabrication of bimetallic bearings, wherein the working bearing materials are
in a liquid state (Al-Sn alloy, Sn-Babbitt alloys, and Cu-Sn alloys) and the supported substrate (mild
steel, cast iron, copper alloys) are in a solid state. In spite of the development of high-performance
materials for bearing applications, there is a continuous demand for increasingly improved tribological
properties and higher bonding strength of bimetallic bearing alloys. Although serious efforts have
been made worldwide to improve the tribological properties of working layer bimetallic bearing
materials, limited work was carried out to improve the bonding strength of the interface layer in
bimetallic materials.

In liquid–solid bimetallic castings, metallic interlayers between the two metals are commonly
used [6,8,9]. These metallic interlayers are deposited on the solid substrate before pouring the paired
liquid metal. The major problems related to the fabrication of bimetallic joints without interlayers are
the occurrence of brittle intermetallic phases in the bonding zone that significantly affect the bonding
strength of the bimetal elements. In addition, in bimetallic bearings, both metals have different melting
temperatures that result in poor wettability between liquid metal and solid substrate [6,8]. Reaction
between liquid and solid in liquid–solid casting improves wettability and one of their characteristics is
that the wetting angle changes with time as the reaction progresses [10]. If both of the metals of bimetal
casting have relatively high melting points, the reaction time will increase, resulting in improved
wettability. Otherwise, for low melting point metals, the reaction time will be much lower, resulting in
lower wettability. A wise approach is to introduce an additional metal or alloy between the coupled
metals and control the structure of the interfacial bonded zone to prevent the formation of intermetallic
phases and improve the bimetallic wettability [6,9–11]. Recently, Ramadan et al. [9] have improved the
shear strength of the Sn interlayer in bimetallic bearings by the addition of Cu. Therefore, Sn, Zn and
Sn-Pb alloy are the proposed metals that can be used in the fabrication of interlayers in liquid–solid
bimetallic journal and thrust bearings [6,9,11].

Among the available bi-metallic bearing fabrication techniques, liquid–solid static casting
technology is considered to be the most economical for bearing layer elements. The improvement of
the interfacial bond is a critical factor in the production of bimetallic bearings using a liquid–solid
technique wherein the substrate should be considered carefully to achieve higher bond strength,
durability and performance. For most liquid–solid bimetallic fabrication techniques, low carbon steel,
stainless steel or copper alloys are the nominate materials used as solid substrates [1,9,12–14].

It has been reported [11] that Zn interlayer for bimetallic Mg/Al joints significantly increased the
bonding strength. Sn and Sn-Pb alloys [6,8,15] are commonly used as interlayers for the fabrication of
bimetallic materials using liquid–solid compound casting technique. In our previous work, the Sn
metallic interlayer was reinforced by 3 wt.% Cu to improve the bonding strength of Al-Sn/mild steel
bimetallic materials [9]. The results showed significant improvement in the shear strength by ~59%
compared to the pure Sn interlayer. However, in spite of all the previous works [6,8,9,15] that used the
interlayer to improve the bonding strength of bimetallic bearing materials, the bonding strength of
bimetallic bearing with interlayer is still low and needs more improvements to increase the performance
and lifetime of the bearings.

In view of the above, the current research was designed to develop and optimize a novel tinning
process including Sn powder and flux mixture for direct tinning of the solid substrate. The proposed
direct tinning process is considered as an alternative new tinning process designed for fast, easy and
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low-cost surface improvement of solid substrate used in liquid–solid compound casting. This newly
designed tinning process is more suitable for flat and horizontal solid substrates like bimetallic thrust
bearing applications.

2. Materials and Methods

Pure metals, including Sn, Cu, Al and Al-25%Si master alloy, were used for preparing
Al-12Sn-4Si-1Cu bearing material. The charge of 1.5 kg of Al-alloy constituents was melted using an
electrical furnace in a graphite crucible. Low carbon steel was used for bonding with Al-based bearing
alloy to prepare the bimetallic material. The chemical compositions of Al-based bearing alloy and low
carbon steel substrate, as manufactured by a local manufacturing Company, Riyadh, Saudi Arabia,
are given in Table 1.

Table 1. Chemical compositions of Al-based bearing alloy and low carbon steel substrate (wt.%).

C Si Mn Cu Sn Cr Ni Fe Al

Al-based bearing alloy - 4 - 1 12 - - - Bal.
Steel substrate 0.14 0.30 0.48 0.20 - 0.14 0.09 Bal. -

(Equivalent standard of steel
substrate, Japanese Industrial

Standards, JIS, G4051)

0.13
0.18

0.15
0.35

0.30
0.60 ≤0.3 - ≤0.2 ≤0.2 Bal. -

Solid steel cylindrical specimens of 59 mm diameter and 4 mm thickness were grinded with emery
papers up to 400 grade. Flux was prepared by mixing zinc chloride, sodium chloride, ammonium
chloride and hydrochloric acid in water, as reported in detail in our previous work [9,16]. Five different
ratios of tin powder to flux were used for tinning process for bonding liquid Al-based bearing alloy
with solid steel substrate—i.e., 1:1, 1:5, 1:10, 1:15, and 1:20. Ratios of tin powder to flux of 1:1 and 1:20
were not characterized due to reasons discussed further below. For a 1:1 ratio, a good distribution
of tin/flux mixture on substrate surface was not achieved. For a 1:20 ratio, the amount of Sn was not
enough to deposit a considerable Sn-interlayer on the steel substrate surface. For the preparation
of bimetallic specimens, the mixture of different ratios of tin and flux were individually spread on a
designed area of 2734 mm2 of pre-grinded steel specimen. Subsequently the steel specimens with five
different ratios of tin/flux mixture were heated on a hot plate for 2 min at 350 ◦C. Later, steel specimens
were washed with warm water and cleaned using cotton cloth to remove the remaining flux from the
surface of substrates whereupon the tin layers were produced. Finally, molten Al-based bearing alloy
was poured after heating at a temperature of 750 ◦C into a metallic mold (Figure 1) that contained
pre-heated (350 ◦C) tinned steel specimens.

After solidification, the specimens were removed from the metallic mold for microstructural
and mechanical property characterization. For microstructural investigation, the specimens were cut,
ground, polished and etched with a solution consisting of 0.5 mL HNO3, 0.3 mL HCl, 0.2 mL HF and
19 mL H2O. Optical microscope (OM) (Olympus GX51, Tokyo, Japan) and scanning electron microscope
(SEM) (FEG-SEM, FEI, Eindhoven, The Netherlands) were used to investigate bimetallic materials and
their interfacial structure. The chemical compositions of the bimetallic interfaces were measured by an
energy-dispersive X-ray spectroscopy (EDS, Quanta 250 FEG, Eindhoven, The Netherlands).

A Rockwell hardness testing machine was used for measuring the hardness of bimetallic castings.
The hardness testing (HRF) was performed at a load of 60 kgf using a 1/16 inch ball indenter for the
dwell time of 5 sec. At least five readings of each of the bimetallic specimens were taken for the average
value of hardness. The shear strength value of the interface of the bimetallic specimen was performed
using a tensile testing machine (Instron 5969, Instron, Norwood, MA, USA), as discussed in a previous
work along with the dimensions of the tensile-shear specimen [17]. The dimensions of the tensile
shear specimens, having two notches of 4 × 8 × 4 mm on the Al alloy side and of 4 × 8 × 4 on the
steel substrate side, were machined to examine the completely exposed bonding interface. The shear
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test was carried out at a constant strain rate of
.
ε = 3.33× 10−4

( .
ε = V/l0

)
and tensile test velocity V of

1 mm/min, where l0 is the distance between shoulders. At least three samples for each Sn-to-flux ratio
were used in order to minimize errors.
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Figure 1. Solid steel substrate (a), tinned steel substrate (b), metallic mold (c), pouring molten Al-based
bearing alloy onto tinned steel substrate (d), and bimetallic castings after pouring (e).

3. Results

Microstructures of Al-based bearing alloy and low carbon steel solid substrate used in the
fabrication of bimetallic materials are shown in Figure 2. Microstructure of Al-Sn-Si-Cu bearing alloy
shows α-Al matrix with Cu6Sn5, Sn and Si phases (Figure 2a) while the microstructure of low carbon
steel has a ferritic–pearlitic microstructure (Figure 2b). The microstructure derives from alloying
elements and the treating process parameters, as given in Table 1.
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Figure 2. Microstructures of (a) Al-based bearing alloy and (b) steel substrate used for preparing
bimetallic materials.

Figure 3 shows SEM microstructures (Figure 3a,b), EDS analysis (Figure 3c) and elemental mapping
(Figure 3d–f) of precipitates, phases and matrix of Al-based bearing alloy in bimetallic material. It is
clear that the Al-based bearing alloy has fine and well-dispersed precipitates in the α-Al matrix. It was
reported [18] that the presence of large particles initiate fatigue, resulting in a low lifetime of Al-based
bearing material.
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Figure 3. (a,b) SEM images, (c) EDS and (d–f) mapping analysis of Al-based bearing alloy.

3.1. Effect of Sn-to-Flux Percentage on Structure and Properties of Bimetallic Interface

Figure 4 shows the interfacial microstructures of three specimens containing tin-to-flux ratios of
1:5, 1:10 and 1:15. Figure 4a shows an irregular interface wherein the disconnected interface material
is also visible at the interface, which may be due to an insufficient flux ratio in the tin/flux mixture
(1:5). Using an insufficient flux ratio resulted in decreased wettability of the tin with the steel substrate.
The specimen containing 1:10 ratio of tin-to-flux shows a smooth interfacial surface without the
formation of isolated regions or areas. In contrast, a continuous layer of tin seems to be developed at
the interface. An irregular and relatively thin interface can also be seen in the specimen containing a
tin-to-flux ratio of 1:15 but no detachment at the interface was noted in that observed with the specimen
of a 1:5 ratio. The development of a continuous tin phase and the emergence of intermetallic phases
and/or oxides have their separate effects upon the mechanical performance of the interface, which are
discussed further below.

Figure 5 shows the interfacial SEM microstructures of the three bimetallic specimens containing
different tin-to-flux ratios along with the elemental analysis along a line across the interface.
The interfacial SEM images (Figure 5a,c,e) replicate the images acquired by optical microscopy
and Figure 5a shows the presence of thick interface of specimen containing 1:5 tin: flux ratio indicating
the presence of intermetallic phases [19] (Fe-Al intermetallic phases) due to the reaction of aluminum
with iron, as revealed in Figure 5b. EDS and line scan confirm the presence of composition of bimetal
and the formation of the Sn interlayer. Figure 5c indicates a comparatively continuous and smooth
interphase of tin at the interface of adjoining materials of specimen containing 1:10 ratio, which was
verified in the graph of EDS line analysis of the same interface indicating the absence of intermetallic
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phases (Fe-Al intermetallic phases) and the presence of tin at the interface (Figure 5d). Figure 5e shows
the interfacial image of the specimen containing a tin-to-flux ratio of 1:15; wherein the thickness of the
interphase is discontinuing and relatively thin compared to the previous two samples and the presence
of both the tin layer and intermetallic phases (Fe-Al intermetallic phases) can be detected (Figure 5f).
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EDS patterns in interface layers adjacent to Al-bearing alloy zones in bimetallic casting containing
a tin-to-flux ratio of 1:5, 1:10 and 1:15 are shown in Figure 6. Higher percentagesa of Fe and Al elements
are detected in bimetallic casting containing a tin-to-flux ratio of 1:5 and 1:15 (Figure 6a,c). Figure 6b
shows the lowest Fe percentage in bimetal casting containing a tin-to-flux ratio of 1:10. Line scans
of Fe and Al intersect across the interface of bimetallic materials (Figure 5a,c) and EDS patterns of
points analysis (Table 2) in interface layers adjacent to Al-bearing alloy zones in bimetallic casting
(Figure 6a,c), containing a tin-to-flux ratio of 1:5 and 1:15, confirm the formation of Fe-Al intermetallic
at the interlayer. Fe-Al intermetallic is, otherwise, absent at the interface of bimetallic casting (Figure 5b)
containing tin-to-flux ratio of 1:10 and EDS pattern in interface layers adjacent to the Al-bearing alloy
zones in bimetallic casting (Figure 6b) containing a tin-to-flux ratio of 1:10. It shows that the continuous
and smooth Sn interlayer can significantly decrease or prevent the formation of Fe-Al intermetallic
phases at the interface of Al/Fe.

Figure 7a shows the SEM image of bimetallic specimen containing tin-to-flux ratio of 1:15 along
with the elemental mapping analysis (Figure 7b–g) of the interface. This specimen was specially chosen
for EDS as it contains the mutual effect of the other two specimens containing tin-to-flux ratios of
1:5 and 1:10—i.e., presence of intermetallic phases and the indication of the presence of tin film at
the interface. Image in Figure 7b indicates that tin has moved to aluminum and a very low presence
of tin was detected in steel. Figure 7c shows the distribution of aluminum in aluminum specimen,
while Figure 7g shows the presence of iron in the steel specimen. This shows the absence of migration
of aluminum atoms in opposing material while a very low fraction of iron atoms moved to aluminum,
as also observed elsewhere [20]. Figure 7d shows the distribution of oxygen across the interface.
Comparatively bimetallic casting fabricated using a tin-to-flux ratio of 1:5 has significantly higher
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oxygen content at the interface, which indicates the presence of tin oxide. The contents of silicon
(Figure 7e) in aluminum and steel matches with their relative percentages in specimens, as shown in
Table 1. The presence of copper in both the aluminum and steel was also observed (Figure 7f).
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Table 2. EDS analysis corresponding to the points 1, 2 and 3 indicated in Figure 5.

Number
Element Compositions (at.%) Inference Adjacent to Al Bearing Alloy,

Al, Fe-Al (IMC)Al Fe Sn Si O Cu

1 49.6 22.94 14.71 1.16 10.68 0.91 Fe2Al5

2 94.56 3.71 0.29 1.31 0 0.13 Al

3 30.32 10.44 33.02 0.92 25.31 0 FeAl3Materials 2020, 13, x FOR PEER REVIEW 9 of 15 
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of 1:15.
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Figure 8 shows the interfacial bonded areas of the three bimetallic specimens with tin-to-flux ratios
of 1:5, 1:10 and 1:15. It can be seen that a tin-to-flux ratio of 1:5 has the lowest value, while the ratios of
1:10 and 1:15 have shown comparable results: 1:15 ratio has shown comparatively higher value, which
is however not significantly higher than 1:10 ratio. The results of bonded areas immediately suggest
that the two ratios of 1:10 and 1:15 are better than 1:5 but their quantitative characterization may further
explore the preference of one over other, as performed in the interfacial strength measurement test
discussed below.
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Figure 8. Bimetallic interfacial bonded areas in bimetallic specimens as a function of Sn-to-flux ratios.

Figure 9 shows the stress–strain curves of the three bimetallic specimens with different Sn-to-flux
ratios of 1:5, 1:10 and 1:15. Matching with the results of bonded surface areas (Figure 8), the Sn-to-flux
ratio of 1:5 demonstrates the minimum stress level (5.5 ± 0.16 MPa), while the stress levels of 1:10
and 1:15 are comparable (6.75 ± 0.30 MPa and 6.0 ± 0.12 MPa, respectively) though 1:10 exhibits
a slightly better value. However, the strain value of 1:10 is significantly higher (1.26%) than 1:15
(0.76%), which is still lower than the 1:5 ratio (1.0%). The presence of intermetallic phases in 1:5 and
1:15 may be related to low fracture strain in comparison to the absence of intermetallic phases in
1:10 ratio specimen, as discussed above. In a separate study, Sn + 3%Cu was used along with flux,
which significantly improved the shear strength up to 59% in comparison to pure Sn, which was related
to the improvement of the interfacial bond structure and low tin oxide content [9]. Although the
proposed direct tinning process shows a relatively low shear strength (Table 3), it can be considered as
a promising new tinning process for steel for its simplicity, low-cost, easily application and capability
to improve by using powder of low melting point solder alloys with a variety of reinforcements.

Table 3. Reports on the shear property of Al/Fe bimetallic composites for different interlay materials
and deposition processes in the literature.

Interlayer Material

Shear Stress, MPa

Deposition Process

Hot Dipping Electroplating Direct Tinning

Brass - 17.5 [21] -

Al-7.2 wt.% Si 8.5 [22] - -

Pure Zn 16.0 [22] 20.0 [17] -

Pure Sn - - 6.75 [This work]
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Figure 9. Interfacial shear strength values of bimetallic specimens containing different Sn-to-flux ratios.

3.2. Effect of Volume Ratio of Liquid-to-Solid on the Interfacial Bonded Area and Hardness

After optimizing the tin-to-flux ratio of 1:10 in bimetallic specimens of Al-based bearing alloys and
carbon steel substrate, the optimization of the ratio of Al-based bearing alloy and carbon steel substrate
was also performed (Figure 10). Figure 4b shows interfacial microstructure of bimetal using liquid-solid
volume ratio 6.5:1; the other ratios show same interfacial microstructural morphology except that the
thickness of interface layer decreases with increasing liquid-solid volume ratio. Three different ratios
of aluminum-to-steel were prepared—i.e., 5:1, 6.5:1 and 8.5:1—and it was found that by increasing the
content of molten aluminum, which was deposited on the solid substrate and solidified, the bonded
area increased. It is to be mentioned here that, in the three aluminum-to-steel ratios, the tin-to-flux
ratio was kept constant after optimization.
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Figure 10. Effect of volume ratio of liquid Al alloy to solid steel substrate on bonded interface area of
1:10 Sn: flux tinned steel substrate.

The hardness characteristics of the three bimetallic specimens containing different ratios of
aluminum-to-steel—i.e., 5:1, 6.5:1 and 8.5:1—were measured (Figure 11). Special focus was given on
the hardness value determination of the interface, as the hardness of the two opposing materials was
found the same in the three specimens. The hardness of the specimens increased continuously with the
increase in the bonded area owing to increased molten aluminum deposited on the solid steel substrate.
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Figure 11. Effect of volume of liquid aluminum to solid steel substrate on interfacial hardness of 1:10
Sn: flux tinned steel substrate.

The achieved results show that the optimum interfacial structure of Al-based bearing alloy/carbon
steel bimetal can be accomplished using direct tinning process with tin-to-flux ratio of 1:10. This specified
ratio resulted in the formation of a continuous and smooth Sn interlayer between Al bearing alloy
and low carbon steel in bimetallic specimens. Fluxes are defined as the chemical compounds that
improve the bonding properties of a joint when applied uniformly on the surface to be jointed [23,24].
The 1:5 ratio of tin-to-flux resulted in an irregular interface wherein the disconnected interface material
is also visible at the interface. Insufficient flux ratio in tin/flux mixture (1:5) led to the decreased
wettability of tin interlayer with steel substrate. Decreasing the wettability of tin with steel substrate
results in the improper distribution of tin on the surface of the steel substrate that leads to Al-Fe
intermetallic formation at the interlayer between poured Al-alloy and the bare surface of the steel
substrate. Otherwise, increased ratio of flux in tin/flux mixture (1:15) leads to decreasing percentage of
tin on steel substrate forming a very thin tin interlayer on steel substrate. Before pouring liquid metal
(Al-bearing alloy), the tinned steel substrate should be preheated using a hot plate. This preheating
process usually partially melts the outer surface of the tin interlayer that leads to a thin layer formation
of tin oxide before pouring [25]. In the presence of a thin interlayer of tin, as in the case of 1:15 tin-to-flux
ratio, most of the tin interlayer is expected to oxidize. This thin tin oxide layer fails upon the impact
of liquid metal pouring onto it due to its brittle nature, as well as its poor wettability with the steel
substrate. A fraction of this oxide moves through liquid metal while the remaining stays at the steel
substrate (Figure 7b,d).

Aside from the structure of interface and its influence on the properties and strength of bimetallic
castings, the desired metallurgical bonding and high-quality bimetallic products cannot be achieved
in the presence of unbonded regions and gaps at the interface [4]. It is reported that a good bonding
of bimetallic specimen, free of unbonded regions, was fabricated in liquid–solid compound casting
using relatively higher volume ratios of liquid to the volume of the solid substrate. In the present
study, an Al/Fe bimetal with fully bonded area was achieved by increasing the volume of the liquid to
the volume of the solid at 8.5:1. Many metallurgical factors influence a full bond while optimizing
the ratio of the volume of the liquid to the volume of the solid in bimetallic specimens. The quantity
of the two metals, their melting points, pouring temperatures and interlayer materials are critical
factors that determine the optimum ratio of the volume of liquid to volume of solid. Xiong et al. [4]
reported that a sound interface between high chromium cast iron and medium carbon steel bimetallic
specimen was achieved without using the interlayer but using the liquid–solid volume ratios of ≥10:1.
Fathy et al. [6] reported that liquid to solid volume ratio should be kept higher than 5:1 to successfully
fabricate Babbitt-steel bimetallic composite at low pouring temperature with the assistance of Sn-Pb
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interlayer. Similarly, Liu et al. [26] found that the effective interfacial bonding could be achieved using
a liquid-to-solid volume ratio of 8:1 that mainly depends on the imported heat energy of the poured
liquid metal. One of the previous investigations [4] is in good agreement with the above findings that
the liquid-to-solid volume ratios of 5:1 and 6.5:1 are not enough to partially remelt the tin + tin oxide
layer (that formed during atmosphere preheating) on the surface of tinned solid steel, resulting in the
appearance of an unboned interface area. In contrast, the liquid–solid volume ratio of 8.5:1 imported
enough heat energy to achieve optimum interfacial bonding.

4. Conclusions

Bimetallic specimens of AlSn12Si4Cu1/carbon steel were successfully prepared by compound
casting after depositing the molten aluminum alloy on the solid steel substrate. A novel tinning process
comprising the tin powder in combination with varying ratios of flux was performed. Moreover,
the optimization of the tinning process was performed after finalizing the tin-to-flux ratio for improved
bonded area and corresponding rise in hardness and interfacial shear strength values. The tin-to-flux
ratio of 1:10 showed the best combination of interfacial structure, bonded area and interfacial shear
strength, which is due to the restriction in the formation of Al-Fe and Fe-Al intermetallic phases due to
stable and continuous Sn interface layer formation. Finally, the ratio of the content of aluminum-to-steel
was optimized at 8.5:1. Considering it a new process, the direct tinning offers encouraging results
in interfacial shear strength characterization, though the scope of further improvement still exists.
The developed tinning process, therefore, offers a promising route to manufacture bimetallic flat
thrust bearings with improved interfacial strength for hydro, gas and steam turbines, coal pulverizing,
and defense applications.
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Abstract: This study investigated the influence of supergravity on the segregation of components in
the Zn–Bi monotectic system and consequently, the creation of an interface of the separation zone of
both phases. The observation showed that near the separation boundary, in a very narrow area of the
order of several hundred microns, all types of structures characteristic for the concentration range
from 0 to 100% bismuth occurred. An additional effect of crystallization in high gravity is a high
degree of structural order and an almost perfectly flat separation boundary. This is the case for both
the zinc-rich zone and the bismuth-rich zone. Texture analysis revealed the existence of two privileged
orientations in the zinc zone. Gravitational segregation also resulted in a strong rearrangement of the
heavier bismuth to the outer end of the sample, leaving only very fine precipitates in the zinc region.
For comparison, the results obtained for the crystallization under normal gravity are given. The effect
of high orderliness of the structure was then absent. Despite segregation, a significant part of bismuth
remained in the form of precipitates in the zinc matrix, and the separation border was shaped like a
lens. The described method can be used for the production of massive bimaterials with a directed
orientation of both components and a flat interface between them, such as thermo-generator elements
or bimetallic electric cell parts, where the parameters (thickness) of the junction can be precisely
defined at the manufacturing stage.

Keywords: supergravity crystallization; gravitational segregation; texture; hexagonal alloys; mono-
tectic transformation

1. Introduction

Metal crystallization is a well-known, natural process that has been modelled under
equilibrium conditions. However, moving away from equilibrium conditions leads to inter-
esting effects, such as inhomogeneous chemical composition, the formation of metastable
phases and the displacement of phase transition points. The research carried out by other
authors so far includes the study of the effect of the crystallization rate in microgravity
conditions on the morphology of the precipitates [1] as well as microstructure refinement
in the magnetic field [2].

Hence, the idea to investigate the alloys previously tested under these conditions
in supergravitation conditions has appeared. The presented experiment is of a cognitive
nature. The processes taking place during the gravitationally oriented crystallization have
a universal character and can also be applied to other alloys. The obtained knowledge will
allow a broader understanding of the mechanisms responsible for a forming of the alloy
microstructure in non-equilibrium conditions.

The direct transfer of the results of the experiment to the real technology requires
further work, although a similar method is used in the centrifugal casting process. It should
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also be mentioned that the conditions described in the experiment, which are extreme
on Earth habitats, might be normal on other places in space. The current technological
expansion and solar system exploration require new information about material responses
under various conditions, from microgravity in Earth orbit to overload effects, which are
given elements of spacecraft.

The overload used in the experiment, resulting from rotational motion, is the equiva-
lent of the gravitational force of gravity multiplied by 600×. One of the research studies
concerning the influence of centrifugal force on the crystallized structure of alloy was
carried out by Lőffler et al. and its results were published in 2002–2004 [3,4]. In the ex-
periment, two magnesium (Mg)-based alloys and one aluminum (Al)-based alloy were
melted and simultaneously rotated. The inertial acceleration was 60,000 g, where g is
gravitational acceleration. As a result of these unique conditions, the researchers obtained
samples where the gravitational segregation of phases could be observed. The primary
phases sedimented at the end of the samples, while binary and ternary eutectics were
solidified in the central regions of the samples. The authors of the experiment hoped that
their research would help to discover a new type of bulk metallic glasses. Centrifugal force
can also be used to purify metal. Ying et al. [5] carried out research on a lead (Pb) alloy
with 3% the weight of copper (Cu). The researchers managed to get 1000 g which caused
significant segregation of Cu in the upper part of the tested sample. The volume fraction of
Cu changed from 15.57% in the top of the sample to 0% in the bottom. Another attempt
to purify metal using supergravity was taken up by Lixin Zhao et al [6]. In this research,
industrial Al was purified by gravitational segregation. The scientists obtained 400 g and
the concentration of iron (Fe) changed from 3.5 to 1.5 weight percent between the bottom
and top of a sample, which was 1.5 cm long. The same group of scientists suggested that
supergravity could be used for grain refining [7]. In the experiment, scientists crystallized
industrial Al with different gravity coefficients (ratio of super-gravitational acceleration to
normal gravitational acceleration). It was observed that the average grain size decreased
exponentially and after reaching 250 g, the average grain size was constant.

Phase separation during the sedimentation process in Cu–Tin (Sn) alloy under su-
pergravity was investigated in 2019 by Wierzba et al. [8]. Centrifugal casting is used in
industry; the main application is the improvement of the filling of molds [9,10]. It is also
used in the production of metallic glasses [11]. The described method engages changes in
the parameters of nucleation kinetics caused by high overloads. By crystallizing a material
under high overload, one can potentially control its structure. Partial amorphization,
mentioned in the paper [11], is a consequence of a decrease in thickness of the formed
lamellar eutectic phases. At sufficiently small thickness of eutectic lamellas, certain chemi-
cal composition and appropriate cooling rate, the conditions for partial amorphizations in
the microstructure can be fullfiled. On the other hand, after changing the parameters, it is
possible to obtain highly ordered structures of quasi-crystalline character.

There are reports of the use of this method to produce highly ordered structures, not
only based on metals [12]. As a consequence of the above considerations, the Zinc (Zn)–
Bismuth (Bi) alloy was selected for research due to the simple equilibrium system and the
low solidus temperature. It has also not been previously investigated in non-equilibrium
crystallization conditions, especially in supergravity crystallization conditions.

1.1. Investigations of the Zn–Bi Alloys

This article focuses on the effect of centrifugal force on the crystallization process of
Zn-25%Bi alloy. Low mutual solubility of both metals should generate a microstructure
with regular precipitates, convenient for analyses. The proportions of the components in
the alloy were selected on the assumption that strong gravitational segregation would lead
to the generation of a wide spectrum of microstructures in the material, characteristic for
various compositions of the alloy.

Previous results obtained by the authors for other zinc alloys showed a tendency to
grow a preferred orientation along

〈
1120

〉
direction during zone crystallization [13,14]. It
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was a concept that similar effect could occur in the supergravity solidification of hexago-
nal alloys.

Different aspects of Zn–Bi alloys were investigated before and described in literature.
One of the research concepts was crystallization under microgravity. In zinc-rich

content alloys, Bi precipitates have had a drop shape and their sizes were larger than from
diffusion-controlled growth. A concentration of more than 24% Bi in samples congregate
in large (Bi) areas in the center of the sample and generate a (Bi) halo-layer around the
sample [15].

Different aspects of Zn–Bi alloy research were presented in work [16]. The authors
applied the squeeze casting method for the production of the alloy chips. Crystallization
proceeds under pressure, 120 MPa, until complete solidification. The obtained material
showed increases in density, tensile strength and hardness. Their electrical resistivity
decreased [16].

Moreover, bismuth as a metal is a potential substitute for lead in low-melting solders
and was described in a phase control method in the Zn–Bi alloy by tungsten nanoparti-
cles [17]. The effect was refined for the microstructure and to avoid sedimentation.

Zinc–bismuth alloys are also interesting for their bactericidal applications [18]. This
is allowed for improvement of typical anticorrosion zinc covers with bactericidal and
antifungal effect.

These facts motivated the authors to expand their knowledge of this interesting alloy
to include the effect of supergravity on crystallization. This aspect has not been previously
studied for monotectic systems.

1.2. Zn–Bi System Characteristic

The Zn–Bi phase system is shown in Figure 1. A characteristic feature of the system is
the monotectic presence in the tested range of composition. Figure 1 shows the microstruc-
ture of various Zn–Bi alloys obtained under the conditions of equilibrium crystallization.

Figure 1. Bi–Zn phase diagram [19–21] and microstructures observed at different chemical composi-
tions of investigated alloys.
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The alloy components differ in density, i.e., ρBi = 9.79 g/cm3, while ρZn = 7.14 g/cm3.
This promotes the occurrence of the effect of gravitational segregation. A significant
difference in the melting point of the components was reflected in the surface tension of the
liquid: at 426 ◦C (419 ◦C is the melting temperature of zinc), its values are γZn = 810 mJ/m2

for Zn [22] and γBi = 360 mJ/m2 for Bi [23].
Microstructures obtained with different zinc contents are shown in Figure 1. At 20 wt%

of Zn, spherical zinc phase precipitates were noted to occur in a (Bi) matrix. A characteristic
feature was the large scatter of the values of the diameter of individual precipitates. Primary
precipitates with diameters in the order of 200–300 microns and small precipitates with
dimensions of several microns were directly adjacent to each other. It was the result of
crystallization from the monotectic phase with a large difference in the surface tension
of both liquids. Zinc was crystallized first and had a high surface tension, allowing for
the formation of large spherical precipitates during primary crystallization. Additionally,
minor secondary precipitates of Zn-rich needle-shaped phases were visible.

The second type of structure presented on the right side of Figure 1 contains 4 wt% Bi.
The observed microstructure consisted of (Zn) matrix and small, spherical bismuth particles
of similar size. The monotectic transformation occurring in the Zn–Bi system favors the
spherical shape of the precipitates regardless of their chemical composition [10,24].

2. Materials and Methods

Tests were carried out on a test stand designed and constructed for the purpose of this
study. A furnace was made in a ring configuration, as is shown in Figure 2.

Figure 2. Scheme of the ring furnace and sample geometry. One experiment needs two identical samples in two chambers
on both tips of arm.

The furnace with heating elements is stationary, only the symmetric arm with two
chambers on both sides rotates. The arm system is balanced and has bearings on both sides.
The obtained parameters, such as supergravity and temperature were limited mainly by
the strength of the material used for the arm and crucible. At a temperature of 500 ◦C
and a machine operation cycle of about 3 h, the material of the arm is exposed to creep
processes and therefore, the arm has been made of high alloy steel. The crucible material
also imposed some constraints. The tests were carried out using graphite chambers, but
it became necessary to use disposable elements made in the form of a monolith with a
cylindrical chamber of 8 mm diameter and a length of up to 20 mm.

The motor used in the device had a nominal rotational speed of 1350 RPM and
therefore, the samples were rotating with frequency of 1350/60 = 22.5 Hz. The correlation
between frequency and angular velocity is given by the formula:

ω = 2π f (1)

where: f —frequency s−1.
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It can be calculated that the angular velocity of the sample was: ω = 141.31 rad
s .

The radius of the circle in which the samples were moving was 300 mm. The radius
was measured up to a central point of the sample, at a half-length. Using a simple formula
for angular acceleration, it was possible to calculate it as equal to 5995 m/s2. The measure
of the load exerted on the sample will be expressed in the angular acceleration divided
by gravitational acceleration of 9.81 m/s2. The normal acceleration was 611.15 g. It was
assumed that the arms had an angular velocity equal to the nominal speed of the motor
used and the normal acceleration can be estimated at 600 g for the whole length of the
sample. Due to the finite length of the sample, a slight overload gradient will be present
along the length of the sample, hence the efforts to obtain the maximum long arm to reduce
this gradient.

To prepare samples, measured amounts of the alloy were cast into the crucibles,
followed by the balancing of the system. In the first step of the experiment, the electric
motor was turned on and the arm with samples started to rotate. When the rotation speed
(overload) was stabilized, the furnace was turned on. The furnace was heated up to 500 ◦C,
which took 30 min. The samples were held at 500 ◦C for 30 min to make sure that they
melted down completely, then the furnace was turned off and the samples cooled down
with the furnace to 200 ◦C. Cooling the furnace to 200 ◦C took another 30 min and after
that time, the rotation of the samples was stopped and they were taken out of the device
and further cooled in the air.

The samples thus obtained were cut lengthwise. The cutting was done using a
Struers Secotom-10 circular saw with a corundum disc. Cutting parameters were: disc
rotation—2000 rpm, movement—0.05 mm/s, with cooling by lubricant mixture. The
sample surface was then polished with diamond pastes and finally, with 0.04 microns
graded alumina suspension.

Structural examinations were carried out using a Hitachi S-3400N scanning electron
microscope (SEM, Hitachi High-Technologies Corporation, Tokyo, Japan) with an EDS
Thermo Noran System Six chemical composition analyzer in microregions and an Inspect
F50 with EBSD TSL detector (Edax Ametek, Tokyo, Japan). The EDS line scan step resolu-
tion was 68 micrometers and the measurement was performed at the accelerating voltage
20 kV with the acquisition time of 60 s per each measurement point (50 measurement points
in line). Another SEM (Hitachi SU-70) equipped with wavelength dispersive spectrometer
(WDS) and Ultra Dry by Thermo Noran was used to analyze fine Bi precipitates.

Hardness measurements were carried out by the Vickers method with a load of
0.19807 N, using a Innovatest Nova 240 microhardness tester (Innovatest, Maastricht,
The Netherlands).

In total, 15 indentations were made in the Bi-rich zone and 30 indentations in the
Zn-rich zone.

The phase composition studies were carried out using the Bruker D8 Advanced/Discover
device, equipped with a copper tube. For improving the monochromatic radiation of wave-
length λCuKα1 = 1.5406 Å, the Ni filter was used. The analysis of the phase composition of
the tested materials was carried out using the PDF-2 crystallographic basis. The measure-
ment was made with a scan step size of 0.02◦. The following cards were used to analyze
the phase composition: Zn: 00-004-0831 and Bi: 00-044-1246.

Additionally, the same diffractometer was used to determine of pole figures from the
planes (0002) and

(
1010

)
for zinc and

(
0112

)
,
(
2022

)
for bismuth. The measurement was

performed by averaging the results of a scan of the longitudinal section of the sample from
a length of 12 mm, thereby obtaining mean value of macro texture. Orientation distribution
function (ODF) was determined using M-TEX software in the Matlab environment.

3. Results
3.1. Microstructures Analysis

Figure 3 presents the Zn-25Bi alloy cast to mold at room temperature and crystallized
under 1 g normal gravity.
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Figure 3. Microstructure of the Zn-25 wt% Bi alloy on longitudinal section after casting into the cold
mold, with magnification of the representative microstructure containing (Bi) particles.

Casting molds were made from cold graphite and were the same as during the
supergravity test. Cooling processes were done in air. The cross-sectional microstructure
was typical of a volume crystallizing casting. Crystallization in accordance with the
directions of heat dissipation were visible. Bismuth was evenly distributed in a sample
volume. Gravity segregation was not observed.

Figure 4 presents the alloy casted and crystallized under 1 g normal gravity, then
cooled with the furnace. Long time exposition in the liquid state caused natural gravity
segregation of components. A bismuth-rich and zinc-rich areas are visible in the mi-
crostructure. The separation line between them is a curve that represents a shape of a
crystallization front.

Figure 4. Microstructure of the Zn-25 wt% Bi alloy on longitudinal section, cooled with the furnace
at normal gravity 1 g. Microstructures in two characteristic places are shown in higher magnification.
Macro-textures from (Zn) phase are included in the right upper corner.
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The radius of the boundary can be interpreted as a characteristic parameter in relation
to the cooling rate and temperature field.

Two observed zones represent individual microstructures. In the zinc-rich area, many
spheroidal particles of almost pure bismuth can be observed. These are the products of the
monotectic transformation taking place at the temperature of 416 ◦C under the conditions
of thermodynamic equilibrium. Their different sizes and inhomogeneous distribution are
a consequence of a coagulation effect during slow crystallization [24]. The larger surface
tension of zinc, then bismuth at the same temperature and the almost lack of mutual
solubility of both elements generated the observed shapes of Bi particles.

The opposite effect took place for zinc precipitates into the (Bi) matrix. Zinc has higher
melting point than bismuth, thus the embryo of (Zn) solid phase can grow as a primary
precipitate. The growth orientation was limited by heat transfer directions. Moreover,
the considerably larger size of the zinc precipitates was caused by a relatively long time
of diffusion.

At the border of both zones, from the side of the zone rich in zinc, one can observe a
strip devoid of bismuth precipitates. This effect is analogous to the halo effect observed
around weakly coherent precipitates of slowly crystallized alloys. The same zone also
exists for an alloy crystallized in supergravity conditions.

At the interface, from the bismuth-rich side, there are few irregular zinc precipitates
with oval shapes.

Figure 5 shows a longitudinal section of the Zn-25 wt% Bi alloy sample crystallized
under 600 g supergravity. Strong segregation has occurred and as a result, most of the
bismuth was located in the left part of the sample (the bottom edge of the drawing is
parallel to the centrifugal force direction). The segregation boundary between (Zn) and
(Bi) zones is flat. This is a specific area with different chemical composition, changed along
1 mm distance. Both sides of this line concern alloy compositions from the opposite sides
of the phase diagram. Non-equilibrium crystallization generates into this zone all possible
morphologies for the Zn–Bi system.

Figure 5. Microstructure of the Zn-25 wt% Bi alloy on longitudinal section along centrifugal force
direction (600 g). Marked areas (A, B, C) in the figure are presented in a bigger magnification in the
next figures. Macro-textures from: (Zn) phase are included in the right upper corner and (Bi) phase
are included in the left upper corner.
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To examine the mutual distribution of Zn and Bi, an EDS linear analysis of the chemical
composition of the obtained structure was carried out along the centrifugal force direction
as shown in Figure 6.

The microhardness of regions rich in zinc and bismuth was measured. In the bismuth-
rich zone, the average microhardness HV0.01 was equal to 17.6 with standard deviation of
4.9, while in the zinc-rich zone, the microhardness was 58.5 with standard deviation of 5.1.

The analysis of the macrostructure showed the existence of a few characteristic zones,
marked A, B, C in Figure 5.

Figure 6. Linear EDS analysis of Bi and Zn content at the tip of the sample. Supergravity crystalliza-
tion introduced a strong segregation effect.

Moving from the left tip of the sample in Figure 5, one can see large needle-shaped
precipitates formed as a result of the eutectic reaction; their eutectic point is located at
2.7 wt% of Zn and at temperature of 254.5 ◦C (Figure 1). The nucleation sites of the
needles of a hypoeutectic primary phase located on the outer edges of the sample are very
interesting. Their presence indicates heterogeneous nucleation on the walls of the crucible,
while large dimensions of the particles suggest their growth from the liquid as a primary
phase. Moving right towards the interface, an increase in the amount of zinc is visible
(Figure 6).

Close to the sedimentation area, smaller and more densely distributed precipitates
appeared, characteristic of structures with a chemical composition lying near the eutectic
point (Figure 7, near separation zone). At the same time, small needle-shaped precipitates
fill the spaces between larger crystallites. This is shown in Figure 7a. This type of structure
can be observed in a relatively narrow range at the interface. The reason is to be searched
in the specific character of the Zn–Bi system. In this system, the solidus line runs practically
horizontally and only from the side of high bismuth contents does its temperature exceed
254.5 ◦C. This allows the liquid phase to maintain its presence up to this temperature,
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regardless of the chemical composition which, in turn, promotes the diffusion process and
maintains the crystallization kinetics at a constant level throughout the entire length of
the sample.

- - . 
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Figure 7. Interface between Bi-rich zone and Zn-rich zone (A-area in Figure 5). A few characteristic features can be observed:
(a) very narrow zinc needles in Bi-rich zone, ordered parallel to G-force vector; (b,c) tiny lamellas of bismuth eutectic
precipitates; and (d) a bismuth-free area on the Bi/Zn boundary.

At the bismuth/zinc interface, small zinc-rich plate-shaped precipitates were observed
(Figure 7b,c). The EDS analysis of chemical composition showed a zinc content of more
than 70 wt%, but the small size of the particles and their geometry did not allow for more
accurate determination. This indicates that a second reaction occurred at the monotectic
point of 98.1 wt% Zn/416 ◦C. Columnar Zn crystals separated by higher Bi concentration
regions could be imprints of the monotectic reaction.

The chemical composition of the characteristic points in the Zn–Bi phase diagram was
given on the basis of data from the equilibrium crystallizing system. In fact, the position
of this point can be significantly shifted by the force of gravity. Moreover, along G-force
direction, the density of alloy changed. It is a gravity segregation effect. The density change
along the sample length occurred in a non-linear way, with a narrow zone on the border of
the zinc and bismuth-rich areas, where the change has gradient character. Literature reports
show that significant shifts of transition points on systems crystallizing under conditions
of high pressure, for example, are possible [25–28].

The next detected area is shown in Figure 7d. This zone contains pure zinc and is
practically devoid of bismuth. The width of the zone ranges from 10 to 20 microns. Its
presence is due to the precipitation of primary phases from the solution taking place at the
interface. The result is an effect similar to the “halo” phenomenon observed around the
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precipitates of the primary phases. It involves total removal of one of the alloy components
from the area surrounding the precipitate [29].

Moving to the right along the sample axis reveals the presence of a large amount
of fine spheroidal precipitates of pure bismuth (zone B marked in Figure 5 and the left
side in Figure 7d). The magnification are shown in Figure 8, which is a WDS elements
distribution map.

Figure 8. Wavelength dispersion spectroscopy (WDS) analysis in the Zn-rich area. In the zinc matrix,
many dispersed (Bi) particles can be observed.

The presence of these precipitates indicates the solubility of a small amount of bismuth
in solid phase of zinc. Closer analysis of the Bi–Zn phase equilibrium system indicates
such a possibility and additionally, the examined crystallization process took place under
conditions far from the state of equilibrium. After crystallization, while the alloy was
cooling, the secondary precipitation occurred, but since it occurred in the solid phase,
the centrifugal force was not able to displace the precipitated particles, hence their even
distribution in this part of the sample.

3.2. Crystallographic and Texture Analysis

The crystallographic structures of zinc and bismuth are shown in Figure 9. Bismuth
crystallizes in the rhombohedral structure with R3m (166) space group. The rhombohedral
lattice parameter αrho and the rhombohedral angle α are shown in Figure 9a.

Figure 9. (a) Crystal structure of bismuth at 20 ◦C (rhombohedral (green) unit cell is marked into the
black hexagonal lattice) and (b) zinc hexagonal unit cell at 20 ◦C (the elemental cell is marked by the
red line) [30].
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For the undistorted reference lattice, parameters used from PDF-2 were: αrho = 0.475 nm
and α = 57.230◦. Equivalently, the structure can be described as hexagonal with in-plane
and out-of-plane lattice constants αhex = 0.454 nm and chex = 1.1862 nm, where c/a = 2.6093.
These lattice parameters were measured at 20 ◦C. Zinc crystallizes in hexagonal close pack
structure with P63/mmc (194) space group.

Additionally, there was a significant difference in lattice constants. According to
Hume-Rothery rules, this excludes the possibility of the formation of solid solutions, as
reflected in the appearance of the Bi–Zn phase equilibrium diagram, where solid solubility
practically did not exist.

For a thorough characteristics of the received structure, the XRD diffraction of regions
rich in zinc and bismuth was carried out. The results are presented in Figure 10. In both
regions of the studied specimen, only peaks characteristic for zinc and bismuth were
registered. The high, dominating intensities of (002) and (101) peaks for zinc and (012)
and (014) for bismuth indicate high texture of the material and appearance of dominating
crystallographic orientations in both zones. The level of background in both measurements
(for both parts of the sample) was homogeneous and there were no premises to discuss
formation of an amorphous phase.

Figure 10. X-ray diffractograms of the Bi- and Zn-rich regions under 600 g.

Regardless of the homogeneity of phases and lack of complex phases in the studied
regions, their microstructure is not uniform.

Regular needle-shaped structures can be observed in areas B and C of Figure 5. That
region in a higher magnification is presented in Figure 11 These needles are a result of
twin deformations from stress relaxation during cooling and a simultaneous decrease in
centrifugal force. Zinc as a metal with the hexagonal structure has a strong tendency of
mechanical twinning [31,32]. This is indirectly caused by a small number of easy slip—
only three directions

〈
1120

〉
are lying in the (0001) base plane. Twinning structures were

observed only in the right part of the sample in a rich zinc area. They were not found
in an area rich in bismuth. One preferred orientation observed in Figure 11 suggests the
existence of a highly ordered structure orientation.
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Figure 11. The area of needle-shaped structures in the Zn-rich zone of the sample, probably accom-
modation twins occurring in the central part of the sample (zones B and C, Figure 5). One preferred
needle orientation suggests the existence of a highly oriented structure orientation.

To confirm this concept, an EBSD analysis was performed for area C in Figure 5.
The result is shown in Figure 12 in contrasting colors by overlapping of inverse pole
figure (IPF) and band contrast (BC) images. A misorientation analysis (Figure 12) was
carried out, which showed the existence of areas with a mutual angle of disorientation of
about 86 degrees. This angle is characteristic for twinning in zinc [33] for identification
of the ordered coniferous structures observed in the upper left corner of Figure 12. Their
macromorphology is similar to those observed in Figure 11. Closer crystallographic analysis
of these structures requires the use of high-resolution microscopy, which is planned in the
next stages of research.

Figure 12. EBSD and misorientation profile obtained in the center of the 600 g gravity sample, marked in Figure 5 as zone C
(Zn-rich zone). EBSD colored by overlapping of inverse pole figure (IPF) and band contrast (BC) images.
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The studied area was characterized by a coarse-grained structure with an orienta-
tion close to 〈0001〉 or

〈
1010

〉
regions, depicted in IPF representation by orange or blue,

respectively (Figure 12). It is worth noting that
〈
1010

〉
is parallel to the direction of cen-

trifugal force.
For a more complete picture of crystallographic dependencies, the macrotexture of the

Zn phase was measured by XRD. Two pole figures were measured respectively: (0002) and(
1010

)
. Then, the orientation distribution function (ODF) was calculated in a Matlab-MTEX

environment [34]. The results are presented in Figures 13 and 14 in the form of full pole
figures on the (0002) and

(
1010

)
planes.

Figure 13. Texture analysis Zn-rich zone for 1 g gravity variant: full pole figures on the (0002) and(
1010

)
planes, recalculated in ODF. The measurement was performed with a longitudinal section of

the sample.

Figure 14. Texture analysis Zn-rich zone for 600 g gravity variant: full pole figures on the (0002) and(
1010

)
planes, recalculated in ODF. The measurement was performed with a longitudinal section of

the sample.

The texture obtained for the sample at 1 g (normal gravity) has a character of a
fibre texture

〈
1010

〉
type, where the poles of planes (0002) and

(
1010

)
are arranged along

small circles (Figure 13). The axis of this texture (shown by the black square) is tilted
approximately 76◦ from the CF direction.

The texture obtained for the sample at 600 g (supergravity variant) (Figure 14) has
a strong character with two clearly outlined components with mutual twin correlation
typical of hexagonal structures [33,35,36]. The main component with the 〈0002〉 axis
tilted by ~10 degrees from CF and the growth direction parallel to

〈
1010

〉
and a weaker

component with mutual twin orientation of four peaks along the circumference on figure
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(0002). This observation confirms the EBSD microtexture analyses carried out for the
macro area.

In the pole figure (0002) Bi (Figure 15), two strong peaks can be seen in a plane normal
to the direction of the CF force at a distance of about 40◦ from the center of the pole figure.
On the other hand, in the pole figure

(
1010

)
, an increase in intensity around the normal of

the figure is observed in a distributed small circle with a radius of 25◦ (Figure 15).

Figure 15. Texture analysis Bi-rich zone for 600 g gravity variant: full pole figures on the (0002) and(
1010

)
planes, recalculated in ODF. The measurement was performed with a longitudinal section of

the sample.

The analysis of the texture of both sample zones shows that the interface was formed
by two structures in a specific crystallographic relationship. The interfacial boundary has a
complex character due to the strong gradient of the chemical composition in its area. This
resulted in the occurrence of side-by-side microstructures belonging to opposite ends of
the Zn–Bi equilibrium system.

4. Conclusions

The obtained results show the existence of the influence of gravity on the directed
growth of the structure in Zn–Bi alloys. Analogous results obtained for other hexagonal
alloys as Zn–Ti–Cu [13,14] subjected to the Bridgman zone crystallization method indicate a
similar influence of the force of gravity and the direction of heat dissipation on the structure
growth process. In the case of crystallization in supergravity conditions, a structure with
two dominant orientations was obtained, the disorientation angle of which corresponds to
the geometry of the twinning process in zinc. This effect was obtained under volumetric
cooling conditions, without the forced temperature gradient as it was in the Bridgman
process. The combination of zone crystallization and the force of gravity can give an
interesting effect of organizing the structure. This process can be used in the production of
complex materials using massive joints with controlled geometry.

Generally, studies of crystallization under 600 g supergravity conditions carried out
on a monotectic Zn-25 wt% Bi alloy have shown the following:

• Gravity force strongly affects the nucleation and growth kinetics of eutectics;
• The boundary between the zinc-rich (Zn) and bismuth-rich (Bi) zones obtained for crys-

tallization under supergravity is flat, while in the case of equilibrium crystallization, it
is paraboloidal according to the curvature of the crystallization front;

• Crystallization under supergravity conditions results in high crystallographic order of
the structure at both micro- and macro-scale;

• The (Zn)/(Bi) interface is formed by two structures in a specific crystallogra-
phic relationship;
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• The strong gradient of the chemical composition near the separation boundary
was observed;

• The microhardness of the zinc-rich area was about 58.5 HV and in the bismuth-rich
area, it was decreased to 17.6 HV;

• The zinc-rich zone contained minor precipitates of parent bismuth, resulting from the
mutual Bi–Zn solubility in a non-equilibrium state;

• The twins relation dominates in (Zn) crystallized under supergravity.
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Abstract: This paper is devoted to the possibility of increasing the mechanical properties
(tensile strength, yield strength, elongation and hardness) of high pressure die casting (HPDC)
hypoeutectic Al-Si alloys by high melting point elements: chromium, molybdenum, vanadium and
tungsten. EN AC-46000 alloy was used as a base alloy. The paper presents the effect of Cr, Mo, V and
W on the crystallization process and the microstructure of HPDC aluminum alloy as well as an alloy
from the shell mold. Thermal and derivative analysis was used to study the crystallization process.
The possibility of increasing the mechanical properties of HPDC hypoeutectic alloy by addition of
high-melting point elements has been demonstrated.

Keywords: crystallization; microstructure; mechanical properties; thermal and derivative analysis

1. Introduction

High melting point elements, such as Cr, Mo, V and W are rarely used as additions in Al-Si alloys.
Research papers described two main reasons for using these additions in Al-Si alloys. The first reason
is the enhancement of the precipitation hardening effect [1–4] while the second one is a reduction of
the detrimental effect of iron on mechanical properties [4–9]. However, the use of Cr, Mo, V and W in
Al-Si alloys is very limited considering the nature of their interaction with the main alloy constituents,
i.e., Al and Si. The phase diagrams Al-Cr [10,11], Al-Mo [12], Al-V [11] and Al-W [11] show the lack of
solubility or very limited solubility of high-melting point elements in aluminum. According to [10],
Cr is not soluble in Al, while according to [11], the solubility of Cr in Al is negligible and amounts to
0.71 wt % at 661.5 ◦C. Tungsten is not soluble in Al [11]. Similar behavior shows molybdenum [11,12],
while the solubility of vanadium in aluminum is maximum 0.6 wt % (0.3 at %) [11]. Very limited
solubility of the above-mentioned elements in aluminum causes the precipitation of a number of
intermetallic phases. Also, Si-V [13], Cr-Si [11], Mo-Si [14] and W-Si [15] phase diagrams show that the
tested elements practically do not dissolve in silicon. In accordance with these phase diagrams, Cr, Mo,
V and W also tend to form numerous intermetallic phases with silicon. For example, four intermetallic
phases can occur in the Si-V diagram, i.e., SiV3, Si3V5, Si5V6 and Si2V [13]. On the other hand,
the analyzed elements offer excellent mutual solid-state solubility. Cr-Mo, Cr-V, Mo-V, Mo-W and V-W
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phase diagrams presented in [11,16–19] show that they form unlimited solutions. In [20], Cr-W phase
diagram has been described. It shows that Cr and W form a solid solution (αCr, W) with unlimited
mutual solubility of both elements. At 1677 ◦C, it decomposes into two solid solutions (α1)-rich in
chromium and (α2)-rich in tungsten.

The presented data show that in Al-Si alloys containing Cr, Mo, V and W, intermetallic phases
with Al and/or Si can crystallize. In multicomponent Al-Si alloys, the possibility of the formation of
more complex phases containing other constituents, like Cu, Mg or Ni should be taken into account.
Intermetallic phases can significantly increase the brittleness of Al alloys and reduce their strength
and elongation. The risk of the precipitation of intermetallic phases in aluminum alloys containing
Cr, Mo, V and W increases with the decreasing rate of heat transfer from the casting. Therefore,
these additives are not applicable to Al-Si alloys produced in sand and ceramic molds. Additionally,
in the case of hypoeutectic alloys, the formation of intermetallic phases in a higher temperature than the
temperature of α(Al) phase crystallization changes the additives concentration ahead of the dendritic
crystallization front. As a consequence of the high heat transfer during solidification in metal molds,
the α(Al) phase can be supersaturated with high-melting point elements. High pressure die casting
(HPDC) is a technology widely used in industry and characterized by intensive heat transfer from the
casting. Therefore, in relation to hypoeutectic aluminum alloys containing Cr, Mo, V and W, precisely
this technology should be seen as an opportunity to effectively increase the mechanical properties of
castings made from the above mentioned alloys. The possibility of increasing the properties of HPDC
Al-Si alloy by supersaturation of α(Al) phase with high melting point elements is the most innovative
aspect of this paper.

The aim of the paper is to confront the phenomena occurring during the crystallization of Al-Si alloy
with different content of high-melting point elements with their mechanical properties in the context of
developing the probable mechanism of changes in the properties of the alloy. The crystallization process
was investigated by thermal and derivative analysis. Optical and scanning microscopy were used to
study the alloy microstructure. A point analysis of the chemical composition of selected phases in the
microstructure was also performed with the use of an EDS (Energy Dispersive Spectroscopy) detector.
The static tensile test and the Brinell hardness test were used to determine the mechanical properties

2. Materials and Methods

A typical hypoeutectic Al-Si alloy for high pressure die casting, i.e., EN-AC 46000 (EN-AC AlSi9Cu3
(Fe)), was used for the tests. It is included in the PN-EN 1706 standard. The chemical composition of
the base alloy is shown in Table 1. The range of the chemical composition is derived from 15 specimens
of the base alloy. The reason for such a number of specimens is the testing of 15 different combinations
of high melting point elements. The number of Cr, Mo, V and W combinations means all statistically
possible connections that can be used for the four analyzed elements. Therefore, each time new base
alloy was smelted from ingots of EN AC-46000 alloy. The individual connections Cr, Mo, V and W
have been shown in the following description of a melting technology.

Table 1. Chemical composition of the base EN AC-46000 alloy.

Chemical Composition, wt %

Si Cu Zn Fe Mg Mn Ni Ti Cr Al

8.69–9.35 2.09–2.43 0.90–1.07 0.82–0.97 0.21–0.32 0.18–0.25 0.05–0.13 0.042–0.049 0.023–0.031 rest

The base alloy was melted in a gas-heated shaft furnace with a maximum charge capacity of
1.5 tonnes (StrikoWestofen, Gummersbach, Germany). After smelting, it was refined inside the shaft
furnace. An Ecosal Al 113S solid refiner was used for this treatment. After tapping the alloy from
the furnace into a ladle, it was deslagged with an Ecremal N44 deslagging agent. After deslagging,
the liquid alloy was transferred to a holding furnace set up next to an Idra 700S horizontal cold chamber
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pressure die casting machine (Idra, Travagliato, Italy). In the holding furnace, AlCr15, AlMo8, AlV10
and AlW8 master alloys were added into the alloy. The temperature in the holding furnace was 750 ◦C.
After dissolution of the master alloys, the temperature of the liquid metal was reduced to a value
appropriate for the test casting process. High melting point elements, i.e., chromium, molybdenum,
vanadium and tungsten, were added as single elements, in double combinations (CrMo, CrV, CrW,
MoV, MoW and VW), in triple combinations (CrMoV, CrMoW, CrVW and MoVW), or all the additives
were added simultaneously. For individually added Cr, Mo, V and W, their content was kept in the
range of 0.0–0.5 wt %, and it was increased in 0.1 wt % steps. If more than one high melting point
element was added, all the elements were used in equal amount. For double combinations, the content
of additives was in the range of 0.0–0.4 wt %, and in subsequent melts it was increased in 0.1 wt %
steps. In the case of triple and quadruple combinations, the content of elements was in the range of
0.00–0.25 wt %, and in subsequent melts it was increased in 0.05 wt % steps. From the resultant alloys,
covers of roller shutter housings with a predominantly 2 mm wall thickness were made by the high
pressure die casting process.

For each chemical composition tested, three specimens were taken from one high pressure die
casting to carry out the tensile test. The specimens had a flat shape and 2 × 10 mm2 rectangular
cross-section. This cross-section is recommended by PN-EN 1706 standard for testing the strength of
high pressure die casting. An Instron 3382 machine (Instron, Norwood, MA, USA) was used to perform
the tensile test at a speed of 1 mm/min. The test enabled the determination of the tensile strength Rm,
the yield strength Rp0.2 and the elongation A. Alloy hardness was measured by the Brinell method
using an HPO-2400 hardness tester (WPM LEIPZIG, Leipzig, Germany) according to PN EN ISO 6506.
The diameter of the ball was 2.5 mm, the load was 613 N, and the static load holding time was 30 s.

Thermal and derivative analysis was used as a tool to study the solidification process. Thermal
and derivative curves were recorded with a PtRh10-Pt thermocouple enclosed by a quartz tube placed
in the thermal center of a probe made of a resin coated sand. Its dimensions are shown in Figure 1.
The alloy was superheated to 1000 ◦C before the probe was filled with liquid alloy.
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Figure 1. Dimensions of the resin coated sand probe (units: mm).

Metallographic specimens for microstructure examinations were prepared on specimens taken
from castings made in the resin coated sand probe and by high pressure die casting. The surface
of the specimens was etched with a 2% HF acid solution. The microstructure was examined using
Nikon Eclipse MA200 optical microscope (Nikon, Tokyo, Japan) with ×100 and ×1000 magnification
for castings made in the resin coated sand probe and by high pressure die casting process, respectively.
The applied magnification ensures correct visibility of all alloy phases in the examined area.
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Point microanalysis of the element concentration was performed using the Pioneer EDS detector
cooperating with the HITACHI S-3000N scanning electron microscope (Hitachi, Tokyo, Japan) and the
VENTAGE software from NORAN. The specimens for scanning under the scanning microscope were
cut from the test castings using a hand hacksaw and water cooling. The shell mold casting specimens
had the shape of a cube with a side of 10 mm. Specimens taken from high pressure die castings had
the shape of a cuboid with sides 2/10/20 mm, and after cutting they were mounted in a conductive
phenolic resin. After mounting, the specimen was cylindrical with a diameter of 36 mm and a height of
12 mm. The specimens were then ground using sandpaper and polished using diamond suspensions
with a gradation of 9 to 1 µm.

The area of the spot examination of the elements concentration is shown in the figures of the
microstructure made with the use of a scanning microscope. These images show the intermetallic
phases within which the analyzes were performed. For the purpose of this study, phase precipitations
of relatively large sizes were selected in order to avoid the analytical beam going beyond the area of
the tested phase.

3. Results and Discussion

Figure 2 compares the thermal and derivative analysis curves of the EN AC-46000 base alloy and
alloy containing 0.5 wt % Mo and Cr, Mo, V and W added in an amount of 0.25 wt % each.

Studies have revealed a three-stage solidification process of the base EN EN-46000 alloy from the
resin coated sand probe. The first stage taking place at the highest temperature is the crystallization
of α(Al) dendrites solid solution. This process is marked by the thermal effect CsAB. The primary
crystallization of α(Al) dendrites directly from the liquid results from Al-Si phase diagram shown in
Figure 3.
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Figure 3. Al-Si phase diagram (data from [11,21,22]).

The presented Al-Si phase diagram shows that after the crystallization of α(Al) dendrites,
the crystallization of α(Al) + β(Si) eutectic mixture takes place. The tested AlSi9Cu3(Fe) alloy is
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multicomponent, therefore more complex eutectic mixtures crystallize in it. In these mixtures, apart
from α(Al) and β(Si) phases, there are also intermetallic phases. The crystallization of multicomponent
Al-Si alloys with this type of complex eutectic mixtures was described in detail in [22–24]. In accordance
with the knowledge contained therein, the authors present the further crystallization process of the
analyzed alloy.

When dendrite crystallization is complete, the complex α(Al) + Al15(Fe,Mn)3Si2 + β(Si)
(ternary) and α(Al) + Al2Cu + AlSiCuFeMnMgNi + β(Si) (quaternary) eutectic mixtures crystallize.
Thermal effects caused by the crystallization of the above mentioned eutectic mixtures have been
marked with the symbols BEH and HKL, respectively. The designation of AlSiCuFeMnMgNi phase
should be treated as conventional, because it does not mean an intermetallic phase containing all the
elements included, but a number of phases that may contain these elements. The chemical composition
of this phase depends on the diversified (as a result of microsegregation) content of elements in
different areas of the residual liquid. It can be Mg2Si phase or the phases from Al-Cu-Ni, Al-Fe-Mn-Si
and Al-Cu-Mg-Si systems. The microstructure of the base alloy and containing Cr, Mo, V and W is
presented in detail in [25]. This paper presents only those aspects of microstructure formation that are
related to the mechanism of its strengthening presented by the authors.

When the additives in an amount not exceeding 0.1 wt.% Cr, 0.4 wt % Mo or W, and 0.5 wt %
V are added as single elements into the base alloy, there are no new thermal effects on the thermal
and derivative curves and new phases are not formed in the microstructure. In this range of the
content, the above mentioned elements tend to join the phases already existing in the base alloy.
These are mainly iron-rich intermetallic phases occurring in both eutectic mixtures, designated as
Al15(Fe,Mn,M)3Si2, where M is any high melting point element or any combination of them. A single
addition of chromium in an amount of 0.2 wt % and molybdenum or tungsten in an amount of 0.5%
leads to primary crystallization of the Al15(Fe,Mn,M)3Si2 phase. Vanadium in the tested content range
did not cause this phase to crystallize. As a result of the crystallization of the primary Al15(Fe,Mn,M)3Si2
phase on the derivative curve a thermal effect is created, which does not have a distinct local maximum.
An example of such an effect is visible on the derivative curve of an alloy containing 0.5 wt % Mo
(Figure 2–red color) and is described as CsA’. Increasing the amount of high melting point elements
produces a thermal effect with a clearly visible local maximum. This thermal effect is shown in Figure 2
(blue color), for an alloy containing 0.25 wt % Cr, Mo, V and W. It is described as CsA’A”. The amount
and size of this phase increases with the increase in the content of high melting point elements in the
alloy. Figure 4 shows the microstructure of the base alloy and containing 0.25 wt % Mo, V and W each
with marked component phases.
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In Figure 4b Al15(Fe,Mn,M)3Si2 phase is characterized by a skeletal morphology. For example,
Figure 5 shows the chemical composition of the analogous phase in the alloy containing 0.4 wt % Cr.
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from the shell mold and the results of the point measurement of the chemical composition within it.

There is a high concentration of Al (57.7 wt %) and an increased concentration of Fe (17.7 wt %) in
the phase; Si (10.8 wt %); Cr (7.53 wt%) and Mn (5.9 wt %). Its phase chemical composition indicates
that it is Al15(Fe,Mn,Cr)3Si2 phase. The occurrence of this phase in alloys containing Cr has been
confirmed in [26–28]. The chemical analysis of Al15(Fe,Mn,M)3Si2 phase detected in alloys containing
additionally Mo, V and W showed the presence of all these elements. Thus, the crystallization of
these intermetallics causes the depletion of the remaining liquid in high melting point elements.
A relatively large amount of the primary Al15(Fe,Mn,M)3Si2 phase causes the depletion of the liquid in
high melting point elements leading to crystallization the classic plate α(Al) + β(Si) eutectic mixture
instead of the ternary one. Thus, high melting point elements first increase their concentration ahead
of the crystallization front of α(Al) phase, but then reduces it as a result of the primary crystallization
of Al15(Fe,Mn,M)3Si2 phase. The possibility of supersaturation of α(Al) dendrites is related to the
concentration of the dissolved substance ahead of the dendrite crystallization front [29] and the rate
of heat transfer during the solidification process. In [30,31], general relationships (1) and (2) were
developed to link the crystal nucleation rate and growth rate, respectively, with the supersaturation of
the crystal with the substance on the crystallization front:

B = kb × Ωb, (1)

V = kv × Ωv, (2)

where:

B-crystal nucleation rate,
V-crystal growth rate,
Ω-supersaturation,
kb and kv-original constant rate of crystal nucleation and growth, respectively,
and v-supersaturation exponent for crystal nucleation and growth, respectively.

From the above mentioned relationships it follows that an increase in the crystal nucleation rate
and growth rate increases the degree of supersaturation. It is also generally known that that the higher
rate of heat transfer leads to the higher rate of the nucleation and growth of the crystal. Therefore,
two factors can accelerate supersaturation–a high concentration of high melting point elements on
the dendritic crystallization front and the high rate of heat transfer during crystallization. Based on
84 thermal and derivative tests for the base alloy as well as all variants of the high melting point
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elements used, the average heat transfer rate during the crystallization of α(Al) phase was calculated.
The value obtained was 0.13 ◦C/s. This, relatively low, heat transfer rate in castings from shell molds
creates rather modest possibilities of α(Al) supersaturation with high melting point elements. However,
the extensive thermal and derivative tests showed an increase in the crystallization start temperature
Cs as a result of addition high melting point elements and increasing their content in the alloy. This was
the case for all analyzed combinations of these elements. Figure 6 shows the effect of high-melting
elements on the crystallization start temperature ∆tCs, for individually and simultaneously added Cr,
Mo, V and W.
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Figure 6a shows that all individually added high melting point elements increase the liquidus
temperature. This is mainly due to the pre-dendritic crystallization of Al15(Fe,Mn,M)3Si2 phase,
which occurs when 0.2 wt % Cr and 0 5 wt.% Mo and W are added (thermal effects CsA’ or CsA’A”).
Crystallization of this phase is responsible for a rapid increase in the temperature ∆tCs. However,
for each high melting point element analyzed, the increase in Cs temperature was also obtained in the
range of their concentration that did not cause pre-dendritic crystallization of Al15(Fe,Mn,M)3Si2 phase.
This tendency is clearly visible when V, Mo and W are added. Vanadium did not cause pre-dendritic
crystallization of Al15(Fe,Mn,M)3Si2 phase, while Mo and W did not cause this phase to crystallize to
0.4 wt %. In the above-mentioned range of high melting point elements, the increase of ∆tCs is relatively
mild. When Cr, Mo, V and W are simultaneously added (Figure 6b), up to 0.05 wt % each, the increase
in ∆tCs is also initially mild, but starting with the 0.10 wt %, a rapid jump and faster growth occur.
This rapid increase in ∆tCs is due to the pre-dendritic crystallization of the Al15(Fe,Mn,M)3Si2 phase.
The increase in the liquidus temperature at the content of high melting point elements insufficient
to start the primary crystallization of Al15(Fe,Mn,M)3Si2 phase indicates transfer of a certain amount
of these elements to α(Al) dendrites. Much better conditions for supersaturation of the α(Al) solid
solution with high melting point elements are provided by the high pressure die casting (HPDC)
technology, where the rate of heat transfer from the casting is much higher. The rate of heat transfer
during crystallization of the α(Al) dendrites in HPDC alloy was determined from relationship (3)
presented in [32]:

SDAS=39.4 × Vˆ(−0.317), (3)

where:

SDAS-secondary dendrite arms spacing in α(Al) phase, µm;
V–the rate of heat transfer during the crystallization of α(Al) dendrites, ◦C/s.

The measured average SDAS in the examined HPDC alloy was 10.65 µm. The rate of heat transfer
calculated for SDAS from relationship (3) amounts to ~55 ◦C/s. This value is over 400 times higher
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than the value obtained for alloy from shell mold. The high rate of heat transfer from the HPDC
alloy produces more refined microstructure compared with the microstructure obtained in shell mold.
Figure 7 shows the microstructure of HPDC EN AC-46000 alloy containing Cr, V and W, each in an
amount of 0.25 wt %. The constituent phases are also marked.
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Figure 7. The microstructure of: (a) base alloy and (b) alloy containing Cr, V and W in an amount of
0.25 wt % each.

The microstructure of the die cast base alloy consists of α(Al) phase dendrites and eutectic mixture.
The eutectic mixture consists of α(Al) and β(Si) solid solutions and relatively fine intermetallic phases.
Diffraction tests have shown the presence of intermetallic phases: Al2Cu, Al2CuMg and other phases
that crystallize in Al-Fe-Si, Al-Cu-Fe and Mn-Ni-Si phase systems. The addition of a certain amount of
high melting point elements causes the pre-dendritic crystallization of the Al15(Fe,Mn,M)3Si2 phase.
With the increasing content of above mentioned elements, the amount of this phase also increases.
Figure 7b shows this phase assume the form of polygons or stars. The size of the precipitates, depending
on the content of high melting point elements, is from a few to ~50 µm. Analysis of the chemical
composition of the pre-dendritic Al15(Fe,Mn,M)3Si2 phase has shown that it can “assimilate” all high
melting point elements tested. Figure 8 presents the results of EDS point analysis carried out within the
area of the pre-dendritic phase in the alloy containing Cr, Mo, V and W in an amount of 0.25 wt.% each.
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Figure 8. An example of Al15(FeMnM)3Si2 phase in HPDC alloy containing Cr, Mo, V and W in an
amount of 0.25 wt % each and the results of a point analysis of the chemical composition within it.

The EDS analysis shows that the tested phase is most effective in assimilating Cr (6.44 wt %),
slightly less effective in Mo (3.72 wt %) and V (2.96 wt %), and the least effective in W (0.99 wt %).
The total concentration of Cr, Mo, V and W in this phase is ~14 wt %. The “assimilation” of chromium,
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molybdenum, vanadium and tungsten by the Al15(Fe,Mn,M)3Si2 phase causes the depletion of these
elements in the liquid. Since the Al15(Fe,Mn,M)3Si2 phase crystallizes directly in front of the α(Al)
dendrites, in the liquid ahead of the dendritic crystallization front, similar changes occur in the
concentration of Cr, Mo, V and W as in the alloy from the shell mold. Chromium, molybdenum,
vanadium and tungsten in the range of concentration that did not cause the pre-dendritic crystallization
of Al15(Fe,Mn,M)3Si2 phase leads to an increase in the concentration of these elements ahead of the
crystallization front of α(Al) dendrites. Further increase in the content of above mentioned elements to
a level that can trigger the crystallization of the pre-dendritic Al15(Fe,Mn,M)3Si2 phase reduces the
Cr, Mo, V and W concentration ahead of the crystallization front of α(Al) dendrites. The described
changes in the concentration of Cr, Mo, V and W ahead of the crystallization front of α(Al) dendrites
can significantly affect the mechanical properties of HPDC alloy. The relatively high cooling rate
during the crystallization of α(Al) dendrites, (~55 ◦C/s), leads to supersaturation of the α(Al) phase
with chromium, molybdenum, vanadium and tungsten, and may increase the mechanical properties
of HPDC alloy. This is confirmed by the results of the statistical analysis of the effect of Cr, Mo,
V and W on the tensile strength Rm; yield strength Rp0.2; elongation A and Brinell hardness of HPDC
alloy presented in [33–35]. Statistical analysis was performed at the significance level p (α) = 0.05.
The analysis of variance (ANOVA) test for the main effects was used to assess the influence of high
melting point elements on the mechanical properties. The values of strength properties in [33–35] were
presented in the standardized and dimensionless form. The results of the statistical analysis showed
that each high melting point element can cause an increase in Rm, Rp0.2; A and HB. The data presented
in these papers shows an unambiguously analogous nature of the impact of the tested high melting
point elements on the properties of this alloy. For the purposes of this paper, standardized quantities
were decoded to the form of real values, which can be expressed in the units of measurement proper
for the tested mechanical properties. Figure 9 presents an example of the effect of high melting point
elements on the Rm, Rp0.2; A and HB. The error bars shown in the graphs represent the values of the
Standard Error of the Mean (SEM). The small SEM values shown in (Figure 9) prove the correctness of
the results, which indicate the effect of high melting point elements on the tested properties.

Figure 9a shows that Cr at the level of 0.05 wt % allows to obtain the tensile strength Rm = 274.4 MPa.
It is a value by ~13% higher in relation to the base alloy. Other high melting point elements make it
possible to obtain a high Rm value with a content 0.05–0.10 wt %. 0.05 wt % vanadium has the greatest
effect on the increase in Rm. This elements results in Rm = 277 MPa, which means an increase by ~14%
relative to the base alloy.

The highest yield strength is obtained with the addition of high melting point element in an
amount of 0.05 wt %. The element most effective in increasing the value of Rp0.2 is vanadium (Figure 9b).
Its presence produces Rp0.2 = 126.8 MPa, which means an increase by ~12% relative to the base alloy.
The highest elongation is usually obtained when the amount of high melting point element is 0.15 wt
%. The greatest impact on the increase in elongation has 0.15 wt % Mo. The elongation is then 5.30%,
which gives a 40% increase relative to the base alloy. The data presented in Figure 9c shows that
chromium in an amount of 0.15 wt % is also very effective in increasing the elongation to A = 5.21%.
Relative to the base alloy, it is a 36% increase.

To obtain high values of the Brinell hardness, the optimal content of high melting point elements
is 0.05 wt % for chromium, molybdenum and vanadium, and 0.5 wt % for tungsten. The impact of
V and W on HB levels is shown in Figure 9d. The greatest impact on HB increase has 0.5 wt.% W
(117 HB). The relative increase is rather small and amounts to 5%.
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The highest values of Rm and Rp0.2 are the result of a relatively high supersaturation of α(Al)
solid solution with these elements. The effect of this phenomenon on the strength properties is most
beneficial, when the high melting point elements are added in an amount insufficient to start the primary
crystallization of Al15(Fe,Mn,M)3Si2 phase. The supersaturation of α(Al) dendrites is also beneficial
for the hardness of alloy containing 0.05 wt % Cr, Mo or V. The highest hardness obtained at 0.5 wt %
W was due to the presence of relatively large precipitates of Al15(Fe,Mn,W)3Si2 phase. The largest
increase in elongation accompanying the addition of high melting point elements in an amount of
0.15 wt % was the result of primary crystallization of relatively small and compact precipitates of
Al15(Fe,Mn,M)3Si2 phase, which reduced the concentration of high melting point elements as well as
Fe and Mn ahead of the crystallization front of α(Al) dendrites. Crystallization of Al15(Fe,Mn,M)3Si2
phase in alloy with high melting point elements can reduce the supersaturation of α(Al) dendrites
compared with the alloy without them. This leads to an increase in the alloy plasticity.

Statistical analysis in [33–35] gives no evidence supporting the occurrence of a synergistic effect
between simultaneously introduced high melting point elements and alloy properties. However,
the results of mechanical tests carried out on various combinations of the co-introduced high melting
point elements indicate the possibility of obtaining much higher values of Rm, Rp0,2 and A than the
values obtained in a statistical analysis carried out for the same additives but introduced as single
elements. The largest increase in Rm was obtained with the addition of vanadium and tungsten added
in an amount of approximately 0.2 wt % each. The value of Rm was then 299 MPa, which means that it
was higher by ~50% relative to the base alloy. The same addition of V and W also caused the largest
(over twofold) increase in an elongation. The maximum increase in Rp0.2, i.e., by ~21%, was due to the
use of Cr and W added in an amount of 0.1 wt.% each.
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4. Conclusions

From the data presented in this paper, the following conclusions emerge:

1. Proper amount of high melting point elements added into HPDC hypoeutectic alloy as well as
alloy from shell molds results in pre-dendritic crystallization of the Al15(Fe,Mn,M)3Si2 phase.

2. High intensity of the heat transfer during HPDC process enables supersaturation of α(Al)
dendrites with high melting point elements.

3. The addition of Cr, Mo, V and W as well as pre-dendritic crystallization of the Al15(Fe,Mn,M)3Si2
phase change concentration of the above mentioned elements ahead of the crystallization front of
α(Al) dendrites, resulting in its various supersaturation during HPDC process.

4. A significant increase in mechanical properties of the tested hypoeutectic alloys was obtained by
supersaturation of the α(Al) phase with high melting point elements during HPDC process.

5. Changes in mechanical properties of the tested alloys were largely affected by supersaturation
of the α(Al) phase, and also by the size of precipitates and content of the pre-dendritic
Al15(Fe,Mn,M)3Si2 phase.

6. In the future, to prove the correctness of the presented hypothetical mechanism of strengthening of
HPDC alloy by supersaturation of α(Al) phase with high melting point elements, analyzes should
be carried out to show the presence of these elements in α(Al) phase with their different contents.
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Abstract: Aluminum alloys currently play an important role in the production of castings in
various industries, where important requirements include low component weight, reduction of the
environmental impact and, above all, reduction of production costs of castings. One way to achieve
these goals is to use recycled aluminum alloys. The effect of natural and artificial aging of AlSi9Cu3
alloy with different ratios of returnable material in the batch was evaluated by a combination of
optical, scanning, transmission microscope and mechanical tests. An increase in the returnable
material in the batch above 70% resulted in failure to achieve the minimum value required by the
standard for tensile strength and ductility. The application of artificial aging had a positive effect on
the microstructure and thus on the mechanical properties of experimental alloys. By analyzing the
results from TEM, it can be stated that in the given cases there is a reduced efficiency of θ’-Al2Cu
precipitate formation with an increase of the returnable material in the batch and in comparison with
artificial aging, which is manifested by low mechanical properties.

Keywords: Al-Si-Cu secondary aluminum alloy; returnable material; natural and artificial aging;
Cu precipitate; transmission electron microscopy; mechanical properties

1. Introduction

At present, more than half of the aluminum castings produced come from recycled materials.
A substantial part of the use (approximately 70%) of recycled aluminum is in the production of
aluminum alloys cast mainly for the automotive industry. Secondary aluminum metallurgy as well as
many other recycling processes are all important issues from both an economic and environmental
point of view. The recycling process enables the economy of raw materials and energy savings [1–3].
Another positive aspect of aluminum recycling is the impact on the environment. The production
of secondary aluminum alloys releases only 5% of greenhouse gases compared to the production of
primary aluminum, as the processes associated with mining, ore refining and smelting are eliminated.
For this reason, today foundries use in the batch an increasing amount of remelted material, which can
make up several tens of percent of the total batch [4,5].

Despite the knowledge gained so far about the effect of multiple remelted material, there is no
clear opinion on its effect. At present, determining the correct amount of remelted material in the
batch is a major problem for foundries. The use of remelted return material carries with itself a high
risk of a decrease in the overall quality of the casting, even though the recycled material used meets

107



Materials 2020, 13, 4538

all the requirements for the input material. For this reason, it is very important to understand the
remelting process and the subsequent use of the remelted material in the batch. The main goal of the
paper is a more detailed description of the method and the remelted material influence in the batch
on the structure and mechanical properties after natural and artificial aging. Determining the correct
ratio with respect to the amount of remelted material in the batch is currently one of the key factors
in increasing the competitiveness of foundries. Despite the fact that this is an important problem,
it is not given sufficient attention from a scientific point of view and there are very few professional
publications on the issue. The results of the experiments present how the quality of castings decreases
with increasing amount of remelted material in the batch.

Al-Si-Cu alloys are the most widely used type of aluminum alloys. They make up about half of
the total production of aluminum castings and are mainly used in applications for the automotive and
aerospace industries. These are most often sub-eutectic (exceptionally eutectic) alloys with a content of
6 to 13 wt.% Si and 1 to 5 wt.% Cu [6]. Thanks to copper, the alloy has good mechanical properties
and excellent machinability, but copper reduces the resistance to corrosion. However, this is sufficient
for use in the automotive industry. Copper also allows heat treatment by hardening to form the
intermetallic Al2Cu compound. The alloy has a low tendency to crack and shrink. To achieve these
properties, it is advantageous to keep the silicon content in the upper tolerance range for the alloy [7].

Due to the increasing use of recycled aluminum alloys for demanding castings, their quality is
considered a key factor and it is therefore necessary to find the right compromise between price and
final quality. The quality of an aluminum alloy made from recycled materials can be affected mainly
by a change in the morphology of the individual structural components. The change in morphology is
most often caused by a change in the chemical composition or by the effect of multiple remelting of the
alloy [8–10].

Different methods are used to neutralize the negative effects of remelting or an increase in
the returnable material in the batch. One of the possible methods for Al-Si-Cu-based alloys is the
application of precipitation hardening—aging. This is a diffusion process that takes place in the
structure of the casting (often after solution annealing), in which the solid solution is depleted by
additive elements. The supersaturated solid solution contains a larger amount of an additive dissolved
than is thermodynamically advantageous for a given alloy at a given temperature. Such a solid solution
has a natural tendency to reach the state with the lowest free enthalpy, with the following disintegration.
This decay most often takes place by a heterogeneous phase transformation, i.e., precipitation [11–14].

The mechanical and physical properties of the casting change during precipitation from the
supersaturated solid solution. Sensitive structural properties such as hardness, ductility, yield strength
or corrosion resistance are highly dependent on the distribution of the individual phases in the
structure. The greatest hardening is caused by the initial stages of precipitation. The values of yield
strength, tensile strength and hardness are reduced by reaching the critical size of the precipitates in
the precipitation-strengthened alloys. Precipitation can also affect the properties of the alloy in an
undesirable way, such as the formation of structural instability or tempering brittleness.

The precipitation process begins with the diffusion of the additive element into microscopic
regions richer in the given element, and a new phase is nucleated in them. The growth of these nuclei
produces coherent precipitates referred to as Guinier–Preston zones (GPZ). Coherence means that
these regions are part of the solid crystal lattice, thereby deforming the lattice and causing internal
stresses in it. The induced stresses are the cause of the increasing strength and hardness of the alloy.
The second stage is the formation of particles of non-equilibrium (GP II) coherent precipitates θ”.
The deformation fields present in the lattice surrounding these coherent particles inhibit and prevent
the movement of dislocations, thus leading to the most significant increase in strength. In the further
process, the phase begins to form separate units with a gradual loss of coherence. The formations
cease to be crystallographically connected to the original supersaturated solid solution, and generally
partially coherent acicular-shaped particles with their own crystal lattice are formed. Such a transition
precipitate—phase θ’, gradually changes size and morphology into acicular shapes.
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The final stage of the aging process is the gradual loss of coherence and the formation of an
incoherent particle of plate-like or lenticular shape. The incoherent hardening phase no longer has
a crystalline bond to the α (Al) solid solution. At this stage, the strength and hardness decrease and the
alloy becomes over-aged. A schematic representation of the precipitation process is shown in Figure 1.
Maximum strength characteristics after hardening are obtained in the region of coherent precipitates θ”
and at the beginning of the precipitation of the partially coherent phase θ’ [15–20].

Materials 2020, 13, x FOR PEER REVIEW 3 of 15 

 

The final stage of the aging process is the gradual loss of coherence and the formation of an 
incoherent particle of plate-like or lenticular shape. The incoherent hardening phase no longer has a 
crystalline bond to the α (Al) solid solution. At this stage, the strength and hardness decrease and the 
alloy becomes over-aged. A schematic representation of the precipitation process is shown in Figure 1. 
Maximum strength characteristics after hardening are obtained in the region of coherent precipitates 
θ” and at the beginning of the precipitation of the partially coherent phase θ’ [15–20]. 

 
Figure 1. Schematic representation of the precipitation process [7]. 

2. Materials and Methods 

2.1. Experimental Material 

A sub-eutectic alloy AlSi9Cu3 (EN AC-46,000, A226) was chosen to evaluate the effect of 
increasing the ratio of returnable material in the batch. The primary AlSi9Cu3 alloy is characterized 
by medium mechanical characteristics, good strength at elevated temperatures, good foundry 
properties and corrosion resistance. Due to its properties, it is mainly used in automotive industry 
products, such as in cylinder heads and engine blocks, crankshaft housings and other components 
[6–8]. 

Two types of AlSi9Cu3 alloy were used in the experiment. The first type was a commercial purity 
AlSi9Cu3 secondary alloy ingots purchased from the company Dor, Považská Bystrica, Slovakia. The 
other type of AlSi9Cu3 alloy was prepared by remelting a typical foundry returnable material, such 
as ingot remnants, gating and riser systems. The foundry returnable material was remelted and cast 
into the shape of ingots. The remelting of the returnable material with a total batch weight of 95 kg 
took place in an electric resistance furnace with a volume of 100 kg in a steel crucible with applied 
protective graphite coating. The chemical composition of the alloy according to the standard (EN 
1706) of the secondary alloy (commercial purity) and the alloy prepared by remelting the foundry 
returnable material is given in Table 1. 

Table 1. Chemical composition of primary AlSi9Cu3 by standard, secondary alloy and returnable 
materials of AlSi9Cu3 alloy (wt.%). 

Elements Si Fe Cu Mn Mg Ni Zn Ti Cr 
Primary AlSi9Cu3 (EN 1706) 8.0–11.0 0.6–1.1 2.0–4.0 0.55 0.15–0.55 0.55 1.20 0.20 0.15 
Commercial purity AlSi9Cu3 9.563 1.081 2.206 0.184 0.426 0.092 1.160 0.038 0.027 

Returnable AlSi9Cu3 9. 294 1.674 2.074 0.184 0.348 0.129 1.016 0.034 0.113 

2.2. Experimental Methods 

In the next part of the experiment, five alloys were cast in succession with the designation 20–
80; 50–50; 70–30; 80–20; and 90–10, where the first number indicates the percentage of returnable 
material and the second number the proportion of secondary alloy in the batch. Each batch weighed 
12.5 kg. Melting was performed in an electric resistance furnace (LAC, Židlochovice, Czech Republic) 
with a T15 type regulator with a capacity of 15 kg in a graphite crucible, which was treated with a 

Figure 1. Schematic representation of the precipitation process [7].

2. Materials and Methods

2.1. Experimental Material

A sub-eutectic alloy AlSi9Cu3 (EN AC-46,000, A226) was chosen to evaluate the effect of increasing
the ratio of returnable material in the batch. The primary AlSi9Cu3 alloy is characterized by medium
mechanical characteristics, good strength at elevated temperatures, good foundry properties and
corrosion resistance. Due to its properties, it is mainly used in automotive industry products, such as
in cylinder heads and engine blocks, crankshaft housings and other components [6–8].

Two types of AlSi9Cu3 alloy were used in the experiment. The first type was a commercial
purity AlSi9Cu3 secondary alloy ingots purchased from the company Dor, Považská Bystrica, Slovakia.
The other type of AlSi9Cu3 alloy was prepared by remelting a typical foundry returnable material,
such as ingot remnants, gating and riser systems. The foundry returnable material was remelted and
cast into the shape of ingots. The remelting of the returnable material with a total batch weight of 95 kg
took place in an electric resistance furnace with a volume of 100 kg in a steel crucible with applied
protective graphite coating. The chemical composition of the alloy according to the standard (EN 1706)
of the secondary alloy (commercial purity) and the alloy prepared by remelting the foundry returnable
material is given in Table 1.

Table 1. Chemical composition of primary AlSi9Cu3 by standard, secondary alloy and returnable
materials of AlSi9Cu3 alloy (wt.%).

Elements Si Fe Cu Mn Mg Ni Zn Ti Cr

Primary AlSi9Cu3 (EN 1706) 8.0–11.0 0.6–1.1 2.0–4.0 0.55 0.15–0.55 0.55 1.20 0.20 0.15
Commercial purity

AlSi9Cu3 9.563 1.081 2.206 0.184 0.426 0.092 1.160 0.038 0.027

Returnable AlSi9Cu3 9. 294 1.674 2.074 0.184 0.348 0.129 1.016 0.034 0.113

2.2. Experimental Methods

In the next part of the experiment, five alloys were cast in succession with the designation 20–80;
50–50; 70–30; 80–20; and 90–10, where the first number indicates the percentage of returnable material
and the second number the proportion of secondary alloy in the batch. Each batch weighed 12.5 kg.
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Melting was performed in an electric resistance furnace (LAC, Židlochovice, Czech Republic) with
a T15 type regulator with a capacity of 15 kg in a graphite crucible, which was treated with a protective
coating. The casting took place at a temperature of 750 ± 5 ◦C. The samples were cast from each melt for
structural analysis and mechanical property tests (10 samples) under the same conditions. Casting was
performed into a metal mold with a temperature of 150 ± 5 ◦C. We did not refine, inoculate or modify
the alloys in any way in the process, and only the oxide membranes were mechanically removed before
casting. The chemical composition of the newly formed alloys is given in Table 2. Structural analysis
and mechanical characteristics of the samples were evaluated after natural aging (NA—approximately
160 h at 20 ◦C) and after artificial aging T5 (AA—at 200 ± 5 ◦C for 4 h and cooling in water with
a temperature of 60 ± 5 ◦C). Chemical composition was measured using arc spark spectroscopy
(Bunker-Q2 ION, Kalkar, Germany).

Table 2. Chemical composition of experimental alloys AlSi9Cu3 alloy (wt.%).

Elements Si Fe Cu Mn Mg Ni Zn Ti Cr

20–80 9.507 1.294 2.197 0.231 0.391 0.122 1.044 0.035 0.049
50–50 9.418 1.419 2.173 0.223 0.361 0.134 1.041 0.033 0.072
70–30 9.245 1.569 2.02 0.209 0.344 0.108 0.961 0.031 0.112
80–20 9.415 1.617 2.08 0.206 0.358 0.156 1.07 0.032 0.101
90–10 9.291 1.643 2.143 0.199 0.357 0.127 1.046 0.032 0.106

Samples (10 mm × 10 mm) for metallographic evaluation were prepared by standard
metallographic procedures (coarse and fine wet grinding, polishing on an automatic instrument
using a diamond emulsion, and etching). For light microscopy purposes, samples were etched with
20 mL H2SO4 + 100 mL distilled water to enhance the ferrous intermetallic phases.

For SEM (scanning electron microscope) and EDX (energy dispersive X-ray) analysis, samples were
etched with 0.5% HF solution. For deep etchings, an etchant consisting of 36 mL HCl + 100 mL H2O
was used, etching the surface of the samples for approximately 30 s, to reveal the three-dimensional
morphology of eutectic silicon and intermetallic phases. (α-phase) lattice residues were removed
by vigorous rinsing with alcohol-based liquid. The microstructure of the experimental material was
evaluated using a NEOPHOT 32 optical microscope and SEM observations with EDX analysis using
a VEGA LMU II scanning electron microscope (Tescan, Brno, Czech Republic) connected to energy
dispersive X-ray spectroscopy (BruckerQuantax EDX analyzer, Bunker, Kalkar, Germany).

Observation of the structure by TEM (transmission electron microscopy) and by the experimental
technique of SAED (Selected Area Electron Diffraction) was performed on a Jeol 2200 FS device
(JEOL Ltd., Tokyo, Japan). Samples were prepared by re-polishing using a Gatan PIPs (precision ion
polishing system, Gatan, Pleasanton, CA, USA). The principle consists in de-dusting the sample with
a stream of ionized argon. The samples were circular in shape with a diameter of 3 mm and a thickness
of 70 micrometers. At the beginning of re-polishing, an angle of 8◦ was used, and when an orifice
appeared in the sample, the angle was gradually reduced to 4◦ and 2◦ on both sides of the sample.
This ensured that the area around the orifice was thin enough to allow the material to be observed.
For TEM, the sample is transparent to a thickness of 100 nm. Such a procedure makes it possible to
maintain more massive edges and to have the center of the sample transparent.

The evaluation of microhardness of structural components was performed on a Hanemann device
type Mod 32 at a load of 10 p. The resulting value presents the average value from 20 measurements.

The tensile strength test was performed according to EN 42 0310 using a WDW 20 device
(Jnkason, Jinan, China). The maximum load of the device was 20 kN at a constant crosshead feed rate of
2 mm/min. The evaluation of ductility A50 was performed on the MC electronic manual extensometer
device (Jnkason, Jinan, China). The cast samples were mechanically machined into test bars with
a diameter of 10 mm in five pieces for each condition. The Brinell method on an INNOVATEST NEXUS
3002XLM-INV1 hardness tester (Innovatest, Borgharenweg, Maastricht, The Netherlands) was used
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to measure hardness. A 5 mm diameter bead with a load of 125 kP (1226 N) was pressed into the
prepared sample for 15 s. A minimum of five measurements were made for each sample.

Twelve castings were cast in each melt. Finished castings were removed from the mold after
approximately 60 s in an effort to maintain the same solidification conditions for each casting.

3. Results

3.1. Mechanical Properties

The influence of applying natural and artificial aging on AlSi9C3 alloy with different amounts
of returnable material in the batch on mechanical properties (Ultimate tensile strength—UTS,
Yield strength—YS, Ductility—A50 and Brinell hardness—HBW) is shown in Figures 2 and 3.
The numerical value represents the average value of the five measurements for both alloy states.
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The best values were obtained for the alloy with a 20% returnable material content, UTS = 174 MPa
(Figure 2a) and YS = 97 MPa (Figure 2b). By increasing the proportion of returnable material to 70%,
there was a gradual decrease in the observed characteristics. From the alloys with the ratios 70–30 to
90–10 there was a stabilization and the values ranged at approximately the same levels. The lowest
values of UTS = 154 MPa and YS = 79 MPa were measured for the alloy with the highest amount
of returnable material—the 90–10 alloy. By applying artificial aging (T5) (red dots on the graph),
an increase was achieved in tensile strength and agreed yield strength in all alloys. The resulting values
of UTS and YS show a slight increase in artificial aging (200 ◦C/4 h). For the 20–80 alloy, the increase
in UTS was approximately by 4% due to artificial aging, and for alloys with 70% and higher ratios,
the increase in UTS was approximately by 8% compared to natural aging. The red line in the graphs
indicates the minimum values required by the standard (EN 17 06) for gravity-cast AlSi9Cu3 alloy.

A decreasing trend was also observed in the evaluation of ductility (Figure 3a). Due to the
increasing proportion of returnable material in the batch, there was a significant decrease in ductility
values. From the maximum measured value of A50 = 0.8% (20–80 alloy) to the value of A50 = 0.4%
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(70–30 alloy). After artificial aging, there was a decrease in ductility in all cases. The minimum ductility
A50 = 0.3% was measured for alloys with 50% and higher proportion of returnable material in the batch.
The resulting HBW hardness values (Figure 3b) had an increasing trend due to the increase in the
returnable material in the batch. The increase in the HBW hardness can be attributed to the increasing
weight % of Fe in the alloys, which predetermines the increased number of iron phases in the structure
and thus the increase in hardness [10,21]. Artificial aging, as expected, increased HBW hardness
values. Maximum HBW hardness values were measured for the 90–10 alloy, namely, HBW = 103
(natural aging) and HBW = 112 (artificial aging). The red line in the graphs indicates the minimum
values required by the standard (EN 17 06) for gravity cast AlSi9Cu3 alloy.

3.2. Microstructure

3.2.1. Natural Aging

The structure of the subeutectic AlSi9Cu3 alloy consists of α-phase (pale gray), eutectic (dark gray)
and intermetallic phases with different chemical compositions, most often based on Cu and Fe. In the
microstructure of the 20–80 experimental alloy, eutectic grains are present in the so-called unmodified
shape as hexagonal plate crystals with unoriented distribution. Iron-based intermetallic phases
crystallized in interdendritic regions, most frequently as Al5FeSi phases in the plate morphology
(aciculars in metallographic cutting) (Figures 4a and 5a). Copper-rich intermetallic phases were
primarily excreted near eutectic silicon grains, especially aciculars of iron phases, mainly as Al2Cu in
the form of Al-Al2Cu-Si containing about 24 wt.% Cu. The increased proportion of returnable material
resulted in a local thickening of the eutectic silicon grains, an increase in the lengths of the iron phase
aciculars, and in their local thickening (Figures 4b,c and 5b). Cu-based intermetallic phases were
also observed in alloys with 70% and higher returnable material content with increased Fe content as
Al7FeCu2 (Figure 5c).
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3.2.2. Artificial Aging

The application of artificial aging did not significantly change the morphology of eutectic silicon.
For the 20–80 alloy, a hexagonal plate formation with well-recognizable twinning could be observed
(Figure 6a). Artificial aging caused only local growth of the arched edges without subsequent thinning
and fragmentation. Similarly, without heat treatment, eutectic silicon in the 50–50, 70–30 and 90–10
alloys is present in an undirected distribution of plates, or as unmodified eutectic (Figure 6b,c).Materials 2020, 13, x FOR PEER REVIEW 8 of 15 
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Figure 6. Changes of eutectic Si of AlSi9Cu3 alloy depend on the ratio of returnable material in the
batch after artificial aging, SEM; (a) 20–80 alloy, (b) 50–50 alloy, (c) 90–10 alloy.

Artificial aging had no significant effect on the morphology of the copper- and iron-rich phases
(Figure 7). Cu-based intermetallic phases are present as Al2Cu with tetragonal crystal lattice and
Al7FeCu2 [22,23]. In all experimental alloys, artificial aging resulted in a local shortening of Fe-based
intermetallic phase lengths compared to natural aging.
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3.3. Substructure

Two types of alloys were selected for transmission electron microscopy (TEM), with the lowest
(20–80) and highest (90–10) ratios of returnable material in the batch after natural and artificial aging.
Experimental alloys 20–80 and 90–10 represent alloys with the best or the worst results of mechanical
tests. The use of TEM is the most effective way to observe the occurrence of the metastable phase
θ’-Al2Cu, which is responsible for precipitation hardening in the alloy and fundamentally affects
the mechanical properties. The elevated temperature precipitation follows the same mechanism for
crystalline [24] and also for amorphous alloys [25]. At first, the non-stoichiometric clusters are formed
due to diffusion. This local density variation serves as nuclei for precipitates growth. The precipitates
follow during their growth crystallography of matrix grain [24] or even crystallography of the substrate
in case of amorphous matrix [26]. The formation of precipitates can be predominantly proven by SAED
because of its sufficient spatial resolution.

3.3.1. 20–80 Alloy

In the alloy with the lowest amount of returnable material after natural aging, precipitates
are present in the morphology of thicker rods with an approximate length of 800 nm (Figure 8).
The presence of a structural defect is indicated at the bottom of the image (dark spots). These are
mainly clusters of dislocations, or small-angular grain boundaries, but the shown defects could also be
introduced by the sample preparation process (mechanical grinding, ion polishing).

The application of EDX mapping showed that the rod particles are primarily formed by Si (Figure 9).
In more detail, and using the HAADF (high annular angular dark field) mode, the presence of the
θ’-Al2Cu phase was shown in the acicular morphology located in close proximity to the Si particles
(Figure 9b). In addition to the acicular morphology, the θ’-Al2Cu phase is also in the morphology of
the sharp-edged plate formation (Figure 9a). The sharp-edged θ’-Al2Cu phase was also observed in
the subsequent evaluation, especially near the Si- and Fe-based phases. Spot EDX analysis showed an
increased presence of Cu in phases designated 1, 2 and 3 (Figure 10).
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The substructure of the 20–80 alloy after artificial aging, which exhibited “ideal” properties,
is characterized by a large number of perpendicularly oriented acicular particles. It is a rapid increase
in these particles compared to the alloy after natural. Structural disorders (especially clusters of
dislocations) are present to approximately the same extent as in natural aging (Figure 11). Similar to the
20–80 alloy, after natural aging, perpendicularly oriented acicular particles are exhibited by θ’-Al2Cu
phases and Si-rich phases. During the application of mapping, phases were observed again in acicular
and also plate morphology (Figure 12).
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The experimental technique of SAED (selected area electron diffraction) forming a part of the
transmission electron microscope was used to evaluate the substructure of the 20–80 alloy after
artificial aging. SAED provides information on crystallography and orientation of crystalline materials
(Figure 13). The regularity of the maxima (dashes) of precipitates θ’ can be observed in the SAED image,
which indicates their regular orientation towards the matrix and is exactly crystallographically given.
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3.3.2. 90–10 Alloy

In the substructure of the alloy with the highest amount of returnable material after natural aging,
similarly to the 80–20 alloy, the presence of a smaller number of rod formations with a length of 500 to
1000 nm and lattice defects of the dark cluster can be seen (Figure 14). Application of artificial aging in
the 90–10 alloy allows us to observe increased occurrence of particles in acicular morphology, but also
in plate-like one with rounded edges (Figure 15).
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Element mapping confirmed the presence of θ’-Al2Cu precipitates in both alloys (both after
natural and artificial aging) (Figure 16). In the 90–10 alloy after artificial aging, Si-based particles were
also present in the substructure along with the precipitates. (Figure 16b).

The microhardness evaluation of the primary α-phase confirmed the increased presence of the
θ’-Al2Cu phase after the application of artificial aging that is responsible for precipitation hardening
in AlSi9Cu3 alloys. The trend of the microhardness values was decreasing, with increasing ratio of
returnable material in the batch (with the exception of the 80–20 alloy) (Figure 17). The application of
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artificial aging resulted in increased values of all alloys, which confirms the increased ability to form
precipitates in the substructure of experimental alloys.
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Figure 17. Dependence of the microhardness of the primary α-phase on AlSi9Cu3 alloys from the
different ratio of remelted returnable material in the batch.
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4. Discussion

The evaluation of the obtained results confirmed the expected decrease in the overall quality
of the AlSi9Cu3 alloy due to the increasing proportion of recycled material in the batch from 20%
to 90%. The negative effect of the recycled material increase in the batch was already manifested at
the amount of 50% (alloy 50–50). The microstructure of alloy 50–50 is characterized by an increased
presence of harmful iron phases and by the degraded grains of Si compared to an alloy with a lower
amount of recycled material in the batch (alloy 20–80). By further increasing the amount of recycled
material in the batch to the level of 70% to 90%, a large amount of harmful iron phases was formed,
which had a major impact on the gradual decrease of the investigated mechanical characteristics except
for the hardness of these alloys (70–30, 80–20 and 90–10) [27–29]. Compared to the EN 17 06 standard,
only the alloys with a high proportion of returnable material (70–30, 80–20, 90–10) did not reach the
required minimum tensile strength, and the minimum agreed yield strength was not reached by any
investigated alloy after natural aging.

The application of artificial aging had a positive effect on the length of the acicular iron phases and
local refinement of eutectic silicon, and thus on the resulting mechanical properties of the investigated
alloys, which in all cases exceeded the minimum value required by the standard when assessing tensile
strength and agreed yield strength. On the contrary, it had a negative effect only when evaluating the
ductility of alloys with different amounts of returnable material in the batch.

The use of transmission electron microscopy confirmed the decreasing ability of the AlSi9Cu3
alloy to age naturally with an increase in the returnable material in the batch. The substructure of the
alloy with 90% returnable material (the 90–10 alloy) is characterized by only a very small number
of coherent and semi-coherent θ’-Al2Cu phases compared to the substructures of the 20–80 alloy.
The reduced presence of curable Al2Cu phases was also confirmed in the microhardness measurement,
by decreasing the values of the primary α-phase with a gradual increase in the returnable material
content in the batch.

By applying artificial aging (200 ◦C/4 h), a rapid increase of θ’-Al2Cu phases in acicular morphology
was observed in the substructure of the 20–80 alloy. The increased ability to form coherent and
semi-coherent θ’-Al2Cu phases using artificial aging was also shown in the alloy with the highest
amount of returnable material (the 90–10 alloy).

5. Conclusions

The aim of this study is to describe the change in the effectiveness of natural and artificial aging
on the AlSi9Cu3 alloy with an increasing proportion of returnable material in the batch. The results
of the study confirm that the morphology of the eutectic silicon degrades and the lengths of the iron
phases increase due to the increase in the returnable material in the batch. The results also show
a decrease in the ability to form θ’-Al2Cu precipitates in the structure of alloys with 50% and higher
proportions of returnable material in the batch. This suppressed the ability of the self-hardening
process that is characteristic of AlSi9Cu3 alloy. Degradation of morphology and suppression of the
self-hardening process were accompanied by a decrease in tensile strength, agreed yield strength
and ductility. The above results show that although the use of returnable material in the batch
as a substitute for primary alloys has a significant economic and environmental aspect in foundry
production, a negative decrease in mechanical properties of experimental alloys due to reduced
efficiency of θ’-Al2Cu precipitate formation was confirmed.

The application of artificial aging had a positive effect on the overall quality of experimental
alloy castings, thus expanding the possibilities of using castings created mostly by recycled material.
Artificial aging had a positive effect on the microstructure and substructure, which was subsequently
reflected in the improvement of the mechanical properties of the castings. Increased efficiency
of artificial aging compared to natural aging was manifested especially in alloys with 50% and
higher proportion of returnable material in the batch (which gradually lost the ability to self-cure).
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Artificial aging led to increased diffusion of the additive element into microscopic areas and thus to
nucleation of a new phase, which restored the alloys’ ability to form precipitates in the substructure.
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Abstract: The introduction of new design solutions of cast components to the powertrain systems
of passenger cars has resulted in an increased demand for optimization of mechanical properties
obtained during heat treatment, assuring—at the same time—a suitable level of production capacity
and limitation of manufacturing costs. In this paper, research results concerning non-standard T6 heat
treatment of a combustion engine cylinder head made of AlSi7Cu3Mg alloy are presented. It has been
confirmed that the optimal process of heat treatment of this component, taking into consideration
the criterion of material hardness, involves solutioning at a temperature of 500 ◦C for 1 h, and then
aging for 2 h at 175 ◦C. As a result, HBS10/1000/30 hardness in the range of 105–130 was obtained,
which means an increase from 35% to 60% in comparison to the as-cast, depending on the position of
the measurement and spheroidization of precipitations of eutectic silicon.

Keywords: cylinder heads; heat treatment; Brinell hardness; automotive industry

1. Introduction

Aluminum and its alloys are used in various applications within the automotive industry. They are
used for casting the majority of powertrain components of passenger cars, replacing cast iron in the
applications such as cylinder blocks and cylinder heads, in order to reduce their mass.

Nearly 20% of CO2 emitted by humanity comes from transport. Reduction of emission of
pollutants and consumption of energy, as well as the increase of recycling volumes [1], affect the
natural environment and, in this aspect, the use of aluminum alloys in the automotive industry has
become reasonable [2]. Due to economic and political pressure to reduce fuel consumption and CO2

emissions, engineering efforts aimed at reducing the mass of automotive structures and designs have
been significantly strengthened [3,4], while in the recent decades, a specific engineering solution was
developed, based on the intensive use of aluminum in the form of modified or new alloys [5–9], modern
casting methods [10–14] and T6 heat treatment, involving solution heat treatment, water quenching,
natural and artificial aging [15–18].

Production of molded automotive components (cylinder heads mostly) involves mainly the alloys
from the 3xx.x series (Al-Si-Mg, Al-Si-Cu, Al-Si-Cu-Mg) [5,9,16,19,20]. Such alloys are characterized
by perfect castability [10,14], relatively low mass (which affects the reduction of fuel consumption
due to reduced total mass of a vehicle), as well as good mechanical [5,6,16,20,21] and technological
properties. Nearly 100% of engine pistons, almost 75% of cylinder heads, 85% of exhaust manifolds
and gearbox casings, as well as other power transmission elements (rear axles, differential housings,
driveshafts etc.), are produced in the form of castings [2,5,22]. Aluminum castings are also used in
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chassis components, in up to 40% of wheels and mounts, components of brake systems, suspension
and steering systems, as well as instrumentation dashboards [2,5,23,24].

A cylinder head made as a casting of silumin is one of the characteristic elements manufactured in
the automotive industry. Mechanical and thermal loads impose special requirements on the structure of
the cylinder head and, for this reason, the process of the casting of the cylinder head is very complicated.
It also results from the fact that the geometry of the cylinder head is predominated by the system
of working medium exchange, a system of cooling ducts, camshafts, and valves control mechanism
incorporated inside. Moreover, the cylinder heads incorporate inlet and outlet valves, the layout and
quantity of which (in case of 35 kW/L output, two valves are sufficient) are related to the shape of the
combustion chamber and position of a spark plug in the center of the combustion chamber. Modern
cylinder heads mounted in heavy-duty engines are equipped with even three, four, or five valves each,
and possibly two spark plugs.

The cylinder heads, in the majority of the cases, are manufactured using the gravity casting process,
poured into metal molds with their shape reflecting the external shape of the cylinder head, while inlet
and outlet ports of the cooling system are modeled by sand cores positioned inside the molds [9,16,25].
Operational requirements imposed on heavy-duty cylinder heads, resulting from actual trends in
engine development (downsizing), generate higher working temperatures and combustion pressures,
enforcing the necessity of new technological solutions to assure strength and hardness in ambient and
increased temperatures (up to 250 ◦C) [26,27] while maintaining high volumes of production.

The standard type of heat treatment performed according to the recommendations requires
long-lasting solutioning and aging of the alloys. The ASTM B917-01 standard [28] is designated for the
319 alloys (with a chemical composition similar to the EN AC-AlSi7Cu3Mg alloy) cast into permanent
molds and recommends up to 12 h of soaking at a temperature of 505 ◦C, hot water quenching, and
then 2 to 5 h of aging at 155 ◦C, as recommended by the ASM Handbook [29]. On the other hand,
8 h of soaking at a temperature of 505 ◦C and aging for 2–5 h at temperatures between 150–155 ◦C is
recommended by the Heat Treater’s Guide [30], while Zolotorevsky [31], in the case of the AK8M3
(AlSi8Cu3) alloy, advises heating at 500 ◦C for 5–7 h and aging at 180 ◦C for 5–10 h.

There are also publications pointing at the possibility of improving mechanical properties of
aluminum alloys by even 30%, such as tensile strength, yield strength, and hardness, based on the heat
treatment characterized by non-standard parameters of solutioning and aging operations [32–35].

In the paper, results of the research are presented, concerning the assessment of effects of shortened
T6 heat treatment of the cylinder head obtained from a process of gravity casting, defined in terms of
obtained Brinell Hardness (HB) hardness of the alloy on surfaces from the cylinder bores and camshafts
side, as well as HB hardness in selected cross-sections.

2. Materials and Methods

AlSi7Cu3Mg alloy, belonging to the Al-Si-Cu-Mg group of alloys, is used, among others, to the
production of castings of cylinder heads and cylinder blocks [9,36–38], as well as in other applications
within the automotive industry, mainly in process of pouring into sand molds (engine crankcases,
oil pans) and metal molds.

The investigated alloy of chemical composition as presented in Table 1, supplied directly by
the manufacturer of the castings, was melted in an electric resistance furnace at a temperature of
720–760 ◦C.

Table 1. Chemical composition of the investigated alloy (% wt.).

AlSi7Cu3Mg
Si Fe Cu Zn Ti Mn Ni Sn Pb Cr Mg Al

7.5 0.5 3.0 0.8 0.03 0.28 0.04 0.01 0.03 0.01 0.4 balance
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Chemical analysis of the alloy was performed by using a method of optical emission spectrometry
with inductively coupled plasma on the PerkinElmer optical emission spectrometer, model Optima
4300 Dv.

In the next step, permanent molds (Figure 1), purposed to the casting of the test samples used in
static tensile tests, were poured with the investigated alloys. The temperature of the mold was kept at
a constant level between 220–250 ◦C.
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The course of crystallization and heating processes, as well as the melting of the investigated alloy,
with marked ranges of the solutioning and aging temperatures, are presented in Figure 2.
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Figure 2. DTA curves for the investigated alloy.

The DTA (derivative and thermal analysis) method involves continuous recording of the
temperature of the alloy in course of its crystallization, which enables the generation of t = f(τ)
curve, depicting the course of thermal processes. Simultaneously, a curve illustrating the derivative
dt/dτ, highlighting less pronounced changes occurring on the thermal curve t = f(τ), is being plotted.
Information obtained from the analysis of the course of the curves from the DTA method allows
us to determine, with high accuracy, not only the melting temperature of a given alloy, but also
melting temperatures present in an alloy of low-melting phases [39–42]. The solidification and melting
process of the alloy were recorded with the use of a fully automated Crystaldimat analyzer, enabling
measurement of the temperature of the test piece during solidification and melting. Standard DTA
diagram is plotted during measurement for the process of solidification and melting of the alloy.
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The heat treatment including solutioning operation, followed by the rapid cooling of the material
in the water at a temperature of 20 ◦C (poured test pieces) and 20/60 ◦C (castings of the cylinder heads),
had taken place; and then, artificial aging with cooling in the air.

The test pieces molded from AlSi7Cu3Mg alloy were soaked at temperatures of 485–530 ◦C and
aged at temperatures of 175–320 ◦C. The time of the soaking operation amounted from 30 to 180 min,
whereas the time of the aging operation amounted from 2 to 8 h. Basing on the assumed trivalent
plan of the investigations with four variables (Table 2), heat treatment operations were performed for
27 systems (associations of temperature and time of solutioning and aging treatments).

Table 2. Investigations plan of the heat treatment of the EN AC-AlSi7Cu3Mg alloy.

Number of the System
in the Experimental Plan

Solutioning Aging

Temperature, ◦C Time, h Temperature, ◦C Time, h

1

485

0.5

175 2

2 250 8

3 320 5

4

1.5

175 8

5 250 5

6 320 2

7

3

175 5

8 250 2

9 320 8

10

510

0.5

175 8

11 250 5

12 320 2

13

1.5

175 5

14 250 2

15 320 8

16

3

175 2

17 235 8

18 320 5

19

530

0.5

175 5

20 250 2

21 320 8

22

1.5

175 2

23 250 8

24 320 5

25

3

175 8

26 250 5

27 320 2

Solutioning and aging operations of the test pieces and the castings were performed in a resistance
furnace. Measurement of temperature was performed with the use of Ni-NiCr thermocouples of K
type, with ±5 ◦C accuracy, directly in a chamber of the furnace, and concerned directly temperature
of the test piece and the castings, temperature near heating elements (control system of the furnace),
as well as temperature in the chamber of the furnace. Recordings of temperature in the chamber of the
furnace and temperature of the test piece were performed continuously.
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Heat treatment of the cylinder heads consisted of heating the casting in the furnace to solutioning
temperature (500–515 ◦C), soaking at this temperature for 1 h, and then cooling in water (20 ◦C for
cylinder heads I–III and 60 ◦C for cylinder head IV) and aging at temperature 175 ◦C for two hours.

Cylinder heads from the EN AC-AlSi7Cu3Mg alloy for the four-cylinder spark-ignition engine
were produced in the technology of gravity casting into metal molds. Due to the restrictions imposed
by the copyrights concerning the design of these cylinder heads, for the sake of this article, tested
cylinder heads are presented in the form of drawings prepared based on 3D renders of the castings,
made with the use of eviXscan Pro+ scanner, with an accuracy of 0.01–0.025 mm (according to VDI/VDE
2634 standard, part 2 [43]) and editable models from Geomagic Design X program.

Measurement of the Brinell hardness was performed in compliance with the PN-EN ISO 6506-1:2014
standard [44] with the use of Brinell hardness tester of PRL 82 type, with a steel ball of 10 mm diameter,
under 9800 N load sustained for 30 s. In the case of molded test pieces, the hardness was measured on
milled heads of the test pieces; while in the case of the castings of cylinder heads—surfaces destined to
measure the hardness, as shown in Figures 3 and 4.
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face side).
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The HBS10/1000/30 hardness of the material was also measured on milled surfaces of the casting of
the cylinder head from the combustion chamber side (Figure 4a) and the side of camshafts (Figure 4b).

“Statistica” ver. 13 software package, by StatSoft (Krakow, Poland), was used to write dependencies
and plot diagrams showing the effect of heat treatment parameters on resultant hardness.

3. Results and Discussion

3.1. Heat Treatment of Cast Test Pieces

The HBS10/1000/30 hardness of raw (non-heat-treated) alloy was included within 82 ± 1.8 HB
limits. Following heat treatment, the HBS10/1000/30 hardness of the investigated alloy amounted from
52 to 138.

Making a comparison of the results of the raw alloy and the alloy after heat treatment (Figure 5),
the highest increase of the hardness amounted to 138 HBS10/1000/30, confirmed for the system no. 7
(solutioning temperature 485 ◦C; solutioning time 180 min; aging temperature 175 ◦C; aging time
5 h), and hardness of 129 HBS10/1000/30 for the system no. 4 (solutioning temperature 485 ◦C;
solutioning time 90 min; aging temperature 175 ◦C; aging time 8 h) and no. 13 (solutioning temperature
510 ◦C; solutioning time 90 min; aging temperature 175 ◦C; aging time 5 h). The test pieces from
the systems identified by no. 1, 10, 19, and 25 were characterized by a slightly lower hardness
(110–121 HBS10/1000/30), for which the aging temperature was equal to 175 ◦C. The lowest (within
limits 52–62 HBS10/1000/30) hardness was obtained for the systems identified by no. 9, 15, 21,
which were characterized by a high aging temperature (320 ◦C) for 8 h, which resulted in the reduction
of obtained hardness concerning the raw casting.
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Figure 5. Effect of the heat treatment (of test samples) on the hardness of the AlSi7Cu3Mg alloy.

Obtained results of performed investigations allowed us to formulate a dependency (1) in the
form of a second-degree polynomial, depicting the effect of the heat treatment parameters on change
of the HBS10/1000/30 hardness of the investigated alloy.

HB = −1044.73 + 5.519ts − 60.12 · 10−4t2
s + 107.58τs − 0.43τ2

s − 1.96ta + 8.58 · 10−4t2
a + 7.73τa − 0.653τ2

a

−0.2tsτs + 24.5 · 10−4tsta + 0.002tsτa − 0.01τsta + 0.338τsτa − 0.02taτa
(1)

where: ts—solutioning temperature, τs—solutioning time, ta—aging temperature, τa—aging time.
Correlation coefficient R2 = 0.96; correct. R2 = 0.9

Figure 6 presents spatial diagrams of the influence of temperature and time of solutioning and
aging treatments on the HBS10/1000/30 hardness of the investigated alloy at preset parameters of the
solutioning (ts—500 ◦C and τs—1 h) and aging (ta—175 ◦C and τa—2 h).
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Taking into account obtained results of the measurements of the molded test pieces, it was
ascertained that to obtain a considerable increase in the hardness, the alloy should be solutioned
for 1–2 h at a temperature between 500–515 ◦C and aged for 2–5 h at a temperature below 180 ◦C
(which should result in obtained HBS10/1000/60 hardness at the level of 120–130 (increase at the level
of 50%)). Such hardness for the alloy of 319 brands with Mg additive (with a chemical composition
similar to the investigated one) was obtained by the authors of the study [32] after solutioning at
temperature 495 ◦C for 8 h and aging at temperature 170 ◦C for 4–8 h.

A similar range of solutioning temperatures (500–520 ◦C) was recommended by the author of
the publication [45], while Han [46] took the temperature of 520 ◦C as an initial stage of the melting
of Al5Mg8Cu2Si6 phase, dissolution of block-type precipitations of Al2Cu and spheroidization of
precipitations of Si, with a direct effect on desired mechanical properties. According to Gauthier [47],
solutioning temperature above 515 ◦C results in partial melting of copper phase on boundaries of
grains; whereas, in the case of the alloy with 0.5% additive of Mg, Samuel [45] and Ouellet [48]
note the beginning of partial melting of Al5Mg8Si6Cu2 and Al2Cu phases as early as at temperature
505 ◦C, resulting in the worsening of mechanical properties of the alloy. Górny [49] recommends the
AlSi5Cu3Mg alloy to be solutioned at 510 ◦C for 5 h and aged for 10 h at temperature 170 ◦C, while
the AlSi5Cu2 alloy at 490–495 ◦C and aged for 10–15 h at a temperature of 150–160 ◦C. A completely
different approach, namely two-stage solutioning at temperature 495 ◦C for 2 h and at 515 ◦C for 4 h,
followed by aging at temperature 250 ◦C for 3 h, resulting in an optimal combination of strength and
ductility (HB > 98), compared to traditional single-stage solutioning at 495 ◦C for 8 h, was proposed by
Sokolowsky in his study [33].

In Figure 7, the microstructure of the investigated alloy before and after the proposed T6 heat
treatment for selected systems from the investigations plan (Table 2) is presented.

Before the heat treatment, the microstructure of the alloy (Figure 7a) is characteristic of the eutectic
Al + Si with small fibrous precipitations of Si and rounded contours of the plastic phase α(Al), which
characterizes alloys after the modification [50,51]. The microstructure of the alloy after performed
heat treatment, characteristic of the HBS10/1000/60 hardness at level 61 (Figure 7b) is characterized by
distinctly coagulated large precipitations of Si. This is connected with a high temperature of solutioning
(530 ◦C) and aging (320 ◦C), which promotes improved plasticity of the alloy with simultaneous
reduction of mechanical properties, which is characteristic for the so-called over-aging of the alloy.
However, the microstructure (Figure 7c) of the alloy after performed heat treatment and characteristic of
high hardness (129 HBS10/1000/30) features precipitations of Si occurring in inter-dendritic areas of Al
phase (on boundaries of grain), which feature rounded shapes and/or form of spheroidal precipitations.
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Figure 7. The microstructure of the alloy: (a) before the heat treatment—81 HBS, (b) for the system no.
27 (Table 2)—61 HBS, (c) for the system no. 13 (Table 2)—129 HBS.

3.2. Heat Treatment of the Cylinder Heads

In Table 3, the obtained ranges of the HB10/1000/30 hardness on the surface of the casting of the
cylinder head (Figure 4) are presented.

Table 3. HBS10/1000/30 hardness of the casting of the cylinder head.

Casting of the Cylinder Head S (Raw Casting) I II III IV

Surface A * 76–84 129–138 125–129 129–138 107–114

Surface B * 72–78 117–129 110–114 121–129 101–106

* surface on the cylinder head as in Figure 4.

Increase of hardness of the material of the cylinder heads marked by no. I–IV from 37 to 66%,
compared to the raw casting, was obtained due to performed heat treatment operations. The difference
in the hardness between analyzed surfaces results from the structure of the cylinder head’s material,
which, in this case, is determined by the foundry method of the cylinder head (position of pouring
risers from camshaft side) and, as in the case of the cylinder head no. IV, by a higher temperature of
solutioning medium, limiting the rate of the cooling [52].

In Figures 8–10, distributions of the HBS10/1000/30 hardness on selected cross-sections of the
cylinder head (by Figure 3) are presented.
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Figure 10. Areas of hardness measurement on the casting of the cylinder head—cross-section no. 3.

Obtained values of HBS10/1000/30 hardness on the cross-sections (Figures 8–10) for the raw
casting (without the heat treatment) were included within a range from 78 to 81. After performed
heat treatment, the hardness was improved (increase to 100–130 HBS). The highest values of the
HBS hardness can be seen in the locations where the highest cooling rate of the alloy occurs during
crystallization, which has a positive effect on the results obtained after the heat treatment, which
confirms the effect of the initial structure of the alloy on a run of hardening precipitation process [53,54],
as well as the process of spheroidization of eutectic silicon, even though the 319.0 alloys are more
resistant to the spheroidization, which can be attributed to lower solutioning temperature of 319 alloys
(495 ◦C) in comparison with 356 alloys (540 ◦C) [55]. Attention should be paid to the fact that obtaining
values of the hardness of the cylinder heads made of the AlSi7Cu3Mg alloy at the level of 101–107 HB
required aging at 210–230 ◦C for 90–240 min (after solutioning at 498 ◦C for 120–480 min) [37], whereas
a stable level of 135 HB was possible to be obtained after 24 h of solutioning of the casting at 485 ◦C
and 5 h of aging at 180 ◦C [56].

In Figure 11, microstructures in selected areas of the cross-section no. 2 of the cylinder head
casting before and after the heat treatment are shown.
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Figure 11. Microstructure in a selected area of the cross-sections of the cylinder head: S—the casting
without heat treatment, III—the casting after the heat treatment (ts = 500 ◦C, τs = 1 h, ta = 175 ◦C,
τa = 2 h).

The structure of the alloy in selected areas of the cross-section of the cylinder head (Figure 7)
results from different cooling rates of the alloy during the crystallization process, hence, after the heat
treatment, differences are also visible, mainly within the scope of the morphology of the precipitations
of phase α(Al) and β(Si), in which precipitations are more dispersed in areas of its bigger crumbling
in the eutectics α(Al) + β(Si) of the alloy before the heat treatment. Moreover, short soaking at a
temperature of 500 ◦C, as well as aging at 175 ◦C has enabled obtaining a change in the form of the
precipitations of silicon on the complete cross-section of the casting.

4. Conclusions

In terms of casting cylinder heads for combustion engines, it is possible to find such combination of
the T6 heat treatment parameters (temperature, as well as the time of solutioning and aging treatments),
which allows obtaining the highest value of HBS hardness with simultaneous consideration of the
limited time of treatment operations.

Heat treatment performed on the test pieces poured from the alloy (from which the cylinder head
of the combustion engine was produced) allows the determination of the tendency of the changes in
the alloy’s hardness within the assumed range of the investigations.

Solutioning of the casting at a temperature of 500 ◦C for 1 h and then aging for 2 h at 175 ◦C
has allowed obtaining HBS10/1000/30 hardness at the level of 105–130, which has assured its increase
within limits 35–60%, in comparison to the raw casting.

Limiting the time of heat treatment of the combustion engine’s cylinder head, in case of a high
volume of production of such type of casting, will allow an increase in the manufacturing capacity and
decrease in the consumption of thermal energy.
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Abstract: A suitable aluminum additive in cast iron makes it resistant to heat in a variety of environ-
ments and increases the abrasion resistance of the cast iron. It should be noted that high-aluminum
cast iron has the potential to become an important eco-material. The basic elements from which it is
made—iron, aluminum and a small amount of carbon—are inexpensive components. This material
can be made from contaminated aluminum scrap, which is increasingly found in metallurgical scrap.
The idea is to produce iron castings with the highest possible proportion of aluminum. Such castings
are heat-resistant and have good abrasive properties. The only problem to be solved is to prevent
the activation of the phenomenon of spontaneous decomposition. This phenomenon is related to
the Al4C3 hygroscopic aluminum carbide present in the structure of cast iron. Previous attempts to
determine the causes of spontaneous disintegration by various researchers do not describe them com-
prehensively. In this article, the mechanism of the spontaneous disintegration of high-aluminum cast
iron castings is defined. The main factor is the large relative geometric dimensions of Al4C3 carbide.
In addition, methods for counteracting the phenomenon of spontaneous decay are developed, which
is the main goal of the research. It is found that a reduction in the size of the Al4C3 carbide or its
removal lead to the disappearance of the self-disintegration effect of high-aluminum cast iron. For
this purpose, an increased cooling rate of the casting is used, as well as the addition of elements (Ti,
B and Bi) to cast iron, supported in some cases by heat treatment. The tests are conducted on the
cast iron with the addition of 34–36% mass aluminum. The molten metal is superheated to 1540 ◦C
and then the cast iron samples are cast at 1420 ◦C. A molding sand with bentonite is used to produce
casting molds.

Keywords: high-aluminum cast iron; Al4C3 carbide; spontaneous disintegration of the casting structure

1. Introduction

Increasing the aluminum content in cast iron can reduce its density and improve its
oxidation resistance and abrasion resistance. This type of cast iron can be produced from
recycled materials [1–5]. High-aluminum cast iron containing 9–19% by mass Al belongs
to the group of white cast iron. In the structure of this cast iron, the ε carbide is shaped,
i.e., Fe3AlCx and the ferritic metal matrix. High-aluminum cast iron is characterized by
good oxidation resistance and creep resistance. It can work in an oxidizing atmosphere
up to the temperature of 920 ◦C, and in an atmosphere containing sulfur compounds up
to the temperature of 800 ◦C. The structure of aluminum cast iron changes significantly
in the range of aluminum content of 19–25% by mass. A barrier to the application of this
material is the formation of hygroscopic Al4C3 carbide [2–8]. This carbide’s properties, and
its morphology in the form of needles and plates with a thickness of several micrometers,
makes the reaction with water (in liquid or gas form) intense and leads to the destruction
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of the material, so-called self-decay, as a result of volume expansion after the reaction of
aluminum carbide with water particles, according to the reaction:

Al4C3 + 12H2O→ 4Al(OH)3 + 3CH4 ↑, (1)

4Al(OH)3 → 2Al2O3 + 6H2O, (2)

Research on Fe–Al–C alloys has shown that the process of their decomposition in the
air starts from the surface layers and progresses deeper into the material [2–5,8]. The reason
for this is the formation of the Al(OH)3 compound, the volume of which is approximately
2.5 times greater than the specific volume of Al4C3 carbides.

Another considered process of the decomposition of high-aluminum Fe–Al–C alloys
may be the issue of weakening the cohesion of the metal matrix, which occurs as a result of
the interaction of hydrogen dissolved in cast iron (the phenomenon of hydrogen embrittle-
ment), which is transferred from the atmosphere during the metallurgical process of the
Fe–Al–C alloy, according to the reaction:

2Al + 3H2O = Al2O3 + 3H2 (3)

The phenomenon is also known in aluminum composites with carbon reinforcement
in the form of fibers and particles, in which the Al4C3 carbide appears at the stage of
component production. It should also be mentioned that similar effects occur in the case
of reinforcements using SiC silicon carbide, where an excessively high temperature also
affects the structure of the aluminum composite. The formation of aluminum carbide can
be found in magnesium composites containing aluminum, reinforced with fibers or carbon
particles [9]. The destructive effect of Al4C3 on the microstructure of materials depends
on the amount and the manner of its distribution in the structure of a given material. If
there is no continuity of carbide precipitation on the microscale, the adverse effects of the
material properties resulting from its reaction with water are negligible and concern only
the surface of the product. Thus, it is necessary to control the volume fraction and the
morphology of Al4C3 in cast iron in order to produce a stable, high-aluminum cast iron
with a wide range of applications. This phenomenon causes high stress and breaks the
continuity of the alloy matrix.

If the phenomenon of the self-decay of high-aluminum cast iron is eliminated, a
good and inexpensive material from the Fe-Al intermetallic group [10–13] could be cre-
ated. To date, the method of minimizing or completely preventing the formation of the
undesirable Al4C3 phase in high-aluminum cast iron composites (>19% Al) has been
investigated [1,5,11]. The absence of aluminum carbide in these castings significantly
improves the mechanical strength.

The hypothesis was adopted in this paper that the phenomenon of high-aluminum
cast iron self-decay, caused by the presence of aluminum carbide Al4C3, can be eliminated
by changing the morphology of Al4C3 carbide precipitates.

2. Development of the Fe–Al Alloy Phase Equilibrium System and the Fe–Al–C Triple
System in the Thermo-Calc Program

Phase equilibrium diagrams of Fe-Al alloys available in the literature were developed
several dozen years ago. In the research, it was decided to redevelop the phase equilibrium
diagram of the Fe-Al system, using numerical analysis, based on the Thermo-Calc program.
The phase equilibrium diagram of the Fe-Al alloy is shown in Figure 1. It is noteworthy
that this diagram shows an additional phase transformation of the alloy within the range of
33–49% mass of Al content, at a temperature of approximately 100–120 ◦C. This is not visible
in the graphs available in the literature related to this field. During this transformation, the
crystal lattice is rebuilt—the parameters of the crystal lattice change and this may also cause
additional stresses that destroy the internal structure of the alloy. Results were obtained
using Thermo-CALC Software version 2019b with thermodynamic database TCFE7 and
with the assumption of equilibrium calculations (Figure 1).
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3. Methodology

A medium-frequency induction furnace with a thyristor inverter, with a capacity of
30 kg, was used to carry out the melts. The molten metal was superheated to 1540 ◦C and
then cast iron samples were cast at 1420 ◦C. A molding sand with bentonite was used to
make casting molds; it included quartz sand as the matrix, bentonite as a binder and water
and coal dust as additives. The molds were dried at a temperature of 200 ◦C. One mold
contained three test bars that were 30 mm in diameter and 260 mm in length.

The microscopic observations were made on a Leica optical microscope (MEF4M, Le-
ica Microsystems, Wetzlar, Germany) using the Leica Q Win program (software version 6).
The SEM microstructure and the phase composition analysis in the structure of the in-
vestigated cast iron, as well as the chemical composition analysis, were carried out on a
JEOL 500LV scanning microscope (JEOL Ltd., Tokyo, Japan) with an X-ray microanalysis
(EDS) attachment.

4. Determining the Hypothesis Concerning the Cause of the Phenomenon of
Spontaneous Decay

In order to test the decomposition of high-aluminum cast iron, samples were cast with
the chemical composition presented in Table 1.

Table 1. Chemical composition of high-aluminum cast iron.

Element C Si Mn Al S Fe

%mass 0.91 0.29 0.25 34.70 0.01 remaining

One of the samples was mounted in a specifically made bentonite mass stand and
pictures were taken at intervals of 1 h. Time-lapse photos were taken with a GoPro digital
camera, model YHDC5170 (San Mateo, CA, USA). Figure 3 shows the photos taken between
days 1 and 21 of the study. Over a period of 21 days, the sample disintegrated.

When analyzing the photos, it could be noticed that the tested sample swelled and
increased in volume over time. Therefore, it can be concluded that the disintegration of
the material did not start with the surface layers, moving deeper into the material. These
results indicate another cause of the spontaneous disintegration of the casting.

In order to thoroughly investigate the possible causes of decay, the decay powder
and the microstructure of high-aluminum cast iron were tested. The SIEMENS X-ray
diffractometer, model Kristalloflex 4H (Munich, Germany), was used. A CuKα = 1.54 Å
lamp was used. CuKα radiation, vertical goniometer and counter registration of the angle
and position of the reflex were used. The measurement range of the 2-theta angle was
5–135◦, step: 0.05◦. The time of counting a single impulse was assumed to be 1 s. The
voltage was 20 kV and the current 30 mA. The experimental data were processed in order
to remove the background calculation of the position, integral intensity and peak height.
For this purpose, the XRayan computer program was used (software version 421). Phase
identification consisted of comparing the obtained signals with reference signals contained
in the database (International Centre for Diffraction Data PDF-2, 2018). The results are
shown in Figure 4a. In the presented image of the diffraction pattern of the decomposition
powder, no undesirable metallic phases could be found. Figure 4b shows that the powder
obtained during the self-destruction of the casting consisted of aluminum and iron oxides.
The SEM microstructures of the resulting powder are shown in Figure 5. The samples
were previously carbon-vapor-deposited to avoid static electricity. The exact chemical
composition of measuring point 1 indicated in Figure 5 contains, by mass, 3.37% C, 3.18%
O2, 37.50% Al, 1.85% Si, 0.01% S, 0.05% K, 0.45% Mn, 53.598% Fe. The EDS microanalysis is
shown in Figure 4.
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Figure 5. Microstructure of post-disintegration powder: different SEM microscope magnifications (a,b) and the site of EDS
X-ray microanalysis (b).

The metallographic analysis of the fracture of the cast samples showed that the
precipitation of the Al4C3 carbide was characterized by a lamellar morphology. These
precipitations, with longitudinal and transverse dimensions in excess of 100 µm, had a
thickness of 3–8 µm. The SEM microstructure of the fractures of the samples without and
with a visible fracture is shown in Figures 6 and 7.
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In Figure 7, the fracture of the metal matrix and the Al4C3 carbide can be seen.
Figure 8 shows the precipitation of the Al4C3 carbide in the form of plates with a

length exceeding 100 µm and a thickness of approximately 5–8 µm. These plates sometimes
interpenetrated each other (Figure 8). Carbide dimensions of this size suggest the presence
of high tensile stresses in the matrix during its contraction while cooling. These forces were
large enough to destroy the Al4C3 carbides.
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Figure 8 shows the matrix cracks along the carbide plates, which suggests that the
mechanical strength of the carbide was higher compared to the metal matrix. During the
crystallization of the alloy and its free contraction, aluminum carbide was able to resist
the metal matrix, causing mechanical stress. The largest of them were accumulated on
the periphery of the carbide, causing the notch effect, and hence a straight path to the
destruction of the metal matrix. In an extreme case, when the bending strength Rg of the
carbide was exceeded, it also failed, as shown in Figure 8. During the decohesion of the
metallic matrix and the carbide, a micro-gap was formed, into which water vapor from
the air could diffuse without any obstacles, thus reacting with the aluminum carbide in
accordance with Reaction (1) described in the Introduction to this work.

Subsequently, Al4C3 began to increase its volume, causing the destruction of the
casting in its entire volume, not only in the outer layers. After the formation of micro-
cracks, water vapor could rapidly enter the internal structures of the casting, and, as a
secondary reaction, hygroscopically interacting with the carbide, this could lead to its
rapid destruction.

After analyzing the above observations, it seems advisable to use this type of treatment
in order to prevent the decohesion of the metal matrix and Al4C3 carbide. Therefore, it can
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be assumed initially that the process of self-decay can be prevented in the following ways,
among others:

• Reducing the size of the Al4C3 carbide precipitates to such values that the metal
matrix, which shrinks during crystallization, is able to withstand the stresses caused
by the Al4C3 carbide resisting it;

• Changing the shape of the carbide and reinforcing the strength of the metal matrix;
• Application of an appropriate heat treatment in order to change the shape of Al4C3 carbides.

In the next part of this publication, the above assumptions are considered. One further
issue remains, i.e., the replacement of the Al4C3 carbide with another carbide with the
use of carbide-forming elements, e.g., Ti, V, W. Such treatment may result in the complete
elimination of the Al4C3 carbide by producing another with a changed shape. The compact
shape of the new carbide, e.g., TiC, VC, WC, will not cause excessive stress during free
shrinkage, contributing to the durability of the casting [5,11].

The experiment shown in [5], which concerns the exchange of the Al4C3 carbide for
a TiC carbide, proves that the hygroscopicity of the Al4C3 carbide and the prevention of
Reaction (1) are crucial in terms of obtaining a material with good mechanical properties.
Figure 9 shows the results of these studies.
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Figure 9. The microstructure of high-aluminum cast iron (a) and after addition of 1.3 %mass Ti (b),
2.7 %mass Ti (c), 5.4 %mass Ti (d); the structure subjected to spontaneous decomposition with
different intensities (a–c), stable and durable structure (d).

Figure 9 shows the structure of a high-aluminum cast iron that underwent self-
destruction (spontaneous decomposition) and after Ti was introduced into the cast iron
in such an amount that led to the formation of a titanium carbide and the disappear-
ance of the aluminum carbide. It was found that such a material is not subject to the
self-destruction mechanism.

5. Reducing the Size of the Al4C3 Carbide Precipitates

In line with the assumptions presented earlier, a special experiment was prepared. Two
cast iron samples with the chemical composition specified in Table 1 were subjected to dif-
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ferent crystallization times: relatively short, for the cooling rate of 300 ◦C/s (Figure 10a,b),
and long, for the cooling rate of 10 ◦C/h (Figure 10c,d). It was assumed that, during such
different extreme crystallization times, the precipitates of the primary Al4C3 carbide would
have different dimensions.

Materials 2021, 14, x FOR PEER REVIEW 9 of 15 
 

 

10a,b), and long, for the cooling rate of 10 °C/h (Figure 10c,d). It was assumed that, dur-
ing such different extreme crystallization times, the precipitates of the primary Al4C3 
carbide would have different dimensions. 

 
(a) (b) 

 
(c) (d) 

Figure 10. The microstructure of the reference sample cooled at 300 °C/s (a,b) and at 10 °C/h (c,d). 

For quick cooling, the first sample was poured into a mold made of copper, with the 
dimensions of the casting being ∅ = 45 mm in diameter and 4 mm thick, and the second 
into a sand mold with bentonite. The second cast in the form of a cylinder had the outer 
dimensions of diameter ∅ = 100 mm and height 100 mm. After the alloy was poured, the 
mold containing the still molten metal was placed in a temperature-controlled resistance 
furnace to ensure that it cooled to room temperature. 

When analyzing the microstructures of both samples, it could be noticed that (as 
expected) the precipitation of the Al4C3 carbide in the case of the sample cooled at a high 
speed was relatively low. In the case of the sample cooled at a low speed, the Al4C3 pre-
cipitation was 5–10× greater compared to the first sample. The first sample, which cooled 
quickly, did not disintegrate, while the second sample, which cooled slowly in an oven, 
disintegrated within one week. This confirms the assumption that one of the reasons for 
the decomposition is the relatively large longitudinal size of the Al4C3 carbide, which, by 
inhibiting free shrinkage, resists the metal matrix, contributing to the decohesion of the 
matrix–Al4C3 carbide components. 

It can be concluded that a change in the shape of the precipitation, which ultimately 
will not lead to the effect of the notch, will significantly affect the service life of this 
high-aluminum cast iron. 

The practical use of the described anti-disintegration method is not easy to imple-
ment in the case of larger castings, but in the case of casting small details, e.g., in a wa-
ter-cooled die, it is feasible. 

  

Figure 10. The microstructure of the reference sample cooled at 300 ◦C/s (a,b) and at 10 ◦C/h (c,d).

For quick cooling, the first sample was poured into a mold made of copper, with the
dimensions of the casting being ∅ = 45 mm in diameter and 4 mm thick, and the second
into a sand mold with bentonite. The second cast in the form of a cylinder had the outer
dimensions of diameter ∅ = 100 mm and height 100 mm. After the alloy was poured, the
mold containing the still molten metal was placed in a temperature-controlled resistance
furnace to ensure that it cooled to room temperature.

When analyzing the microstructures of both samples, it could be noticed that (as
expected) the precipitation of the Al4C3 carbide in the case of the sample cooled at a high
speed was relatively low. In the case of the sample cooled at a low speed, the Al4C3
precipitation was 5–10× greater compared to the first sample. The first sample, which
cooled quickly, did not disintegrate, while the second sample, which cooled slowly in an
oven, disintegrated within one week. This confirms the assumption that one of the reasons
for the decomposition is the relatively large longitudinal size of the Al4C3 carbide, which,
by inhibiting free shrinkage, resists the metal matrix, contributing to the decohesion of the
matrix–Al4C3 carbide components.

It can be concluded that a change in the shape of the precipitation, which ultimately
will not lead to the effect of the notch, will significantly affect the service life of this
high-aluminum cast iron.

The practical use of the described anti-disintegration method is not easy to implement
in the case of larger castings, but in the case of casting small details, e.g., in a water-cooled
die, it is feasible.
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6. Change in the Morphology of Al4C3 Carbide of Cast Iron with the Addition of
Large Amounts of Chromium Precipitates and the Effect of Heat Treatment

Among the alloying additives used to improve the ductility of Fe-Al alloys, chromium
deserves special mention. There are two possible explanations for its effect on enhancing
ductility independent of the environment [13]. One of them is the theory that a Cr additive
changes the arrangement of atoms and increases the spacing of screw superdislocations by
decreasing the antiphase boundary (APB) energy. The second theory is that Cr addition
can alter the surface condition of the sample and the oxidation mechanism, so that the
adverse effects of the environment (hydrogen embrittlement) can be mitigated. Therefore,
the above theory was used to produce a stable material that should not be subject to the
process of spontaneous decomposition.

In the experiment, high-aluminum cast iron with the addition of chromium was melted.
The chemical composition is presented in Table 2. During the melting process, chromium
was added to the molten metal. Then, the metal was superheated to the temperature
of 1510 ◦C, after which, at the temperature of 1420 ◦C, the samples were poured (for
metallographic tests) into a metal die previously heated to 300 ◦C. The die made it possible
to obtain four cylindrical samples with a diameter of 18 mm and a length of approx. 100 mm.

Table 2. Chemical composition of high-aluminum cast iron.

Element C Cr Si Mn Al S Fe

%mass 2.12 14.20 1.03 0.30 34.33 0.01 remaining

Two of the four samples were additionally annealed in an oxidizing atmosphere
furnace at 950 ◦C for 24 h and then cooled within the furnace. Then, metallographic
specimens were taken from all samples (Figure 11). High-aluminum cast iron samples
with the addition of chromium without heat treatment were subject to degradation over a
longer period of time. Self-destruction started from one to two years after pouring.
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reinforced with Al4C3 carbides. Thus, it had features that combined both chrome cast iron 
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Figure 11. The microstructure of a sample made from high-aluminum cast iron with the addition of chromium, eutectic
structure as cast (a) and hypereutectic structure after heat treatment (b).

The slender, long shapes of eutectic aluminum carbides, almost 100 µm long, took
on different shapes and sizes after heat treatment. Cast iron obtained by combining
aluminum and chromium obtained a structure composed of aluminum–chromium ferrite,
reinforced with Al4C3 carbides. Thus, it had features that combined both chrome cast
iron and high-aluminum cast iron. This type of cast iron is unknown in the literature. In
other words, we obtained a usable high-aluminum cast iron with much higher chromium
content, even exceeding 14%mass. The Al4C3 carbides after heat treatment are shown in
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Figures 11b and 12a. The external appearance of the sample and its disintegration one year
after its production are shown in Figure 13.
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The metal matrix in the microstructure consisted of two chemically different phases
composed of iron, aluminum and chromium. In order to determine the exact composition
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of the matrix and the visible aluminum carbides, a quantitative analysis of the chemical
composition in the energy-dispersive X-ray (EDX) micro area was carried out.

The results of the quantitative analysis of the chemical composition of selected points
are presented in Table 3, and the zones of their occurrence are presented in Figure 12b–d.
This sample, despite the still existing aluminum carbide Al4C3, did not disintegrate and
did not show the self-destruction mechanism.

Table 3. Chemical composition of high-aluminum cast iron.

Element
C Al Cr Fe Mn Si

%Mass

Phase No. 2 0.00 39.18 14.03 45.06 0.00 1.73

Phase No. 3 0.00 31.95 8.06 55.86 0.32 1.58

Carbide No.1 39.15 60.50 - - - -

The method developed and described above was patented and published in the patent
description PL 222673 B1 [14].

7. The Effect of High-Aluminum Cast Iron Modification—A Minor Addition of Boron
and Heat Treatment

A modification procedure was used to plasticize the metal matrix. For this, small
amounts of boron and bismuth were used. The literature [15–17] shows that boron as
a microadditive usually segregates along grain boundaries. For example, it can reduce
the segregation of phosphorus at grain boundaries. Then, the hydrogen concentration
at the grain boundaries decreases and thus the possibility of intergranular cracking is
reduced. Boron segregation increases intergranular cohesion and strengthens grains bound-
ary strength. Boron leads to low sensitivity to hydrogen-induced cracking and, generally, it
is applied to improve ductility. Thus, it is an ideal microadditive to be used for castings
made of high-aluminum cast iron, which has a tendency to self-destruct. In contrast,
the micro-addition of Bi in high-quality grey iron leads to a change in graphite morphol-
ogy [18]; in the case of high-aluminum cast iron, it was assumed that it would cause the
fragmentation of Al4C3 precipitates. Thus, it was assumed that by adding these elements,
the metal matrix would be strong enough not to be damaged by the action of the Al4C3
carbide plate.

The test melting of cast iron was carried out, the chemical composition of which is
shown in Table 4.

Table 4. Chemical composition of high-aluminum cast iron.

Element C Si Mn Al S Bi B Fe

%mass 2.08 1.08 0.5 36.02 0.01 0.05 0.11 remaining

During the melting process, ferro-boron was added to the molten metal composed of
high-aluminum cast iron. Then, a metal bath was superheated to a temperature of 1510 ◦C
and, in the final stage, bismuth was added; at a temperature of 1420 ◦C, samples for metallo-
graphic tests were poured into a metal mold preheated to 300 ◦C. Four cylindrical samples
with a diameter of 18 mm and a length of around 100 mm were obtained. Two of the
samples were additionally annealed in an oxidizing atmosphere furnace at a temperature
of 950 ◦C for 24 h, and then cooled within the furnace. The fracture for both sets of samples
was fine-grained (Figure 14). The sample disintegrated after two months, which proved
that the reinforcement of the metal matrix through the modification treatment extended
the working time of the casting by 100% compared to the reference casting.
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Figure 14. Microstructures of high-aluminum cast iron with the addition of boron and bismuth; hypereutectic structure as
cast (a) and hypereutectic structure after heat treatment (b).

The precipitation of the Al4C3 carbide in the alloy was not eliminated, as can be seen
in Figure 14. This is consistent with the assumption that such a small amount of boron
could not completely replace this Al4C3 carbide with boron carbide. Figure 14 shows Al4C3
carbide precipitation in the form of plates with a length of approximately 50 µm. If a longer
Al4C3 plate appeared, its thickness was much smaller than that shown in Figure 9 for the
reference high-aluminum cast iron. Those carbides that exceeded a thickness of 5 µm were
characterized by a length much less than 50 µm. This is key in the stable behavior of the
structure of high-aluminum cast iron. After heat treatment, the alloy did not disintegrate. It
is a relatively inexpensive casting alloy that may find application in industry. The method
developed and described above was patented and published in the patent description PL
222671 B1 [19].

8. Summary

To verify the research, several specimens were placed in a specifically made base
and 21,000 images were taken for 7 months. Selected images from this set are shown
in Figure 15. As can be seen, only three specimens withstood the test of time, i.e., high-
aluminum cast iron with the addition of boron and bismuth and heat treatment (B–Bi (HT)),
the sample with the addition of titanium (Ti), and the sample named know-how (X).

The research results demonstrate that the reaction of aluminum carbide Al4C3 with
the environment is not the only cause of the mechanism of casting disintegration. These
studies provide new data on the emerging stresses in the casting structure. This issue is
related to the morphology of aluminum carbide Al4C3. It was found that one of the causes
of casting breakdown is the relatively large longitudinal size of the Al4C3 carbide, which
inhibits free shrinkage and resists the metal matrix by contributing to the decohesion of
the metal matrix. The least expensive way to prevent this phenomenon is to modify the
high-aluminum cast iron with boron and bismuth and carry out a dedicated heat treatment.

149



Materials 2021, 14, 5993

Materials 2021, 14, x FOR PEER REVIEW 13 of 15 
 

 

  
(a) (b) 

Figure 14. Microstructures of high-aluminum cast iron with the addition of boron and bismuth; hypereutectic structure as 
cast (a) and hypereutectic structure after heat treatment (b). 

The precipitation of the Al4C3 carbide in the alloy was not eliminated, as can be seen 
in Figure 14. This is consistent with the assumption that such a small amount of boron 
could not completely replace this Al4C3 carbide with boron carbide. Figure 14 shows 
Al4C3 carbide precipitation in the form of plates with a length of approximately 50 μm. If 
a longer Al4C3 plate appeared, its thickness was much smaller than that shown in Figure 
9 for the reference high-aluminum cast iron. Those carbides that exceeded a thickness of 5 
μm were characterized by a length much less than 50 μm. This is key in the stable be-
havior of the structure of high-aluminum cast iron. After heat treatment, the alloy did not 
disintegrate. It is a relatively inexpensive casting alloy that may find application in in-
dustry. The method developed and described above was patented and published in the 
patent description PL 222671 B1 [19]. 

8. Summary 
To verify the research, several specimens were placed in a specifically made base 

and 21,000 images were taken for 7 months. Selected images from this set are shown in 
Figure 15. As can be seen, only three specimens withstood the test of time, i.e., 
high-aluminum cast iron with the addition of boron and bismuth and heat treatment 
(B–Bi (HT)), the sample with the addition of titanium (Ti), and the sample named 
know-how (X). 

 
(a) (b) 

Materials 2021, 14, x FOR PEER REVIEW 14 of 15 
 

 

 
(c) (d) 

Figure 15. Cast samples of high-aluminum cast iron with addition of Ti—titanium, Cr—chromium, MM—rare earth el-
ements, B–Bi—boron and bismuth, B–Bi (HT)—boron and bismuth after heat treatment, R1—reference sample (standard 
cooling rate), R2—reference sample (increased cooling rate) and X—know-how (an attempt will be made to implement 
into production); observation time: first day (a), 74 day (b), 148 day (c), 216 day (d). 

The research results demonstrate that the reaction of aluminum carbide Al4C3 with 
the environment is not the only cause of the mechanism of casting disintegration. These 
studies provide new data on the emerging stresses in the casting structure. This issue is 
related to the morphology of aluminum carbide Al4C3. It was found that one of the causes 
of casting breakdown is the relatively large longitudinal size of the Al4C3 carbide, which 
inhibits free shrinkage and resists the metal matrix by contributing to the decohesion of 
the metal matrix. The least expensive way to prevent this phenomenon is to modify the 
high-aluminum cast iron with boron and bismuth and carry out a dedicated heat treat-
ment. 

9. Conclusions 
The article defines the mechanism of the spontaneous decay of high-aluminum cast 

iron castings, which is caused by the large relative size of Al4C3 carbide precipitates. The 
mechanism is as follows: 
• During the crystallization of the alloy and its free shrinkage, aluminum carbide as a 

plate resists the metal matrix, causing mechanical stress accumulated mainly on the 
edges of the carbide, causing the notch effect and detachment of the carbide surface 
from the matrix. In an extreme case, when the bending strength Rg of the Al4C3 car-
bide is exceeded, it is also destroyed. 

• During the resulting decohesion of the metal matrix and the Al4C3 carbide, a mi-
cro-gap is formed, into which water vapor contained in the air diffuses, thus reacting 
with the carbide. 

• Subsequently, the precipitation of the Al4C3 carbide begins to increase its volume, 
causing the destruction of the casting in its entire volume, not only in the outer lay-
ers. 

• After microcracks appear, water vapor enters the internal structures of the casting 
faster and, as a secondary factor, leads to its rapid destruction. 
During this research, methods of counteracting the phenomenon of spontaneous 

decay were developed. The methods developed include: 
• Increasing the speed of cooling. Thanks to this, the dimensions of the Al4C3 carbide 

precipitates are so small that the metal matrix, which shrinks during crystallization, 
is able to overcome the stresses caused by the Al4C3 carbide precipitation that resists 
it. 

• The compact geometric shape of this carbide does not cause excessive stress during 
free shrinkage, contributing to the durability of the casting 

• Changing the shape of the carbide precipitates and strengthening the strength of the 
metal matrix, e.g., by a modification treatment. 

Figure 15. Cast samples of high-aluminum cast iron with addition of Ti—titanium, Cr—chromium, MM—rare earth
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9. Conclusions

The article defines the mechanism of the spontaneous decay of high-aluminum cast
iron castings, which is caused by the large relative size of Al4C3 carbide precipitates. The
mechanism is as follows:

• During the crystallization of the alloy and its free shrinkage, aluminum carbide as a
plate resists the metal matrix, causing mechanical stress accumulated mainly on the
edges of the carbide, causing the notch effect and detachment of the carbide surface
from the matrix. In an extreme case, when the bending strength Rg of the Al4C3
carbide is exceeded, it is also destroyed.

• During the resulting decohesion of the metal matrix and the Al4C3 carbide, a micro-
gap is formed, into which water vapor contained in the air diffuses, thus reacting with
the carbide.

• Subsequently, the precipitation of the Al4C3 carbide begins to increase its volume,
causing the destruction of the casting in its entire volume, not only in the outer layers.

• After microcracks appear, water vapor enters the internal structures of the casting
faster and, as a secondary factor, leads to its rapid destruction.

During this research, methods of counteracting the phenomenon of spontaneous decay
were developed. The methods developed include:

• Increasing the speed of cooling. Thanks to this, the dimensions of the Al4C3 carbide
precipitates are so small that the metal matrix, which shrinks during crystallization, is
able to overcome the stresses caused by the Al4C3 carbide precipitation that resists it.

• The compact geometric shape of this carbide does not cause excessive stress during
free shrinkage, contributing to the durability of the casting

• Changing the shape of the carbide precipitates and strengthening the strength of the
metal matrix, e.g., by a modification treatment.
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• Heat treatment of high-aluminum cast iron also contributes to changing the shape of
carbide precipitates, which makes them durable.

Author Contributions: Conceptualization, R.G. and D.K.; Methodology, R.G. and D.K.; Investiga-
tions, R.G. and A.S.; Formal analysis, A.S.; Project administration, D.K.; Supervision, D.K.; Resources,
A.S.; Visualization, A.S.; Funding acquisition, E.G.; Writing–original draft, R.G.; Writing–review and
editing, D.K. and E.G. All authors have read and agreed to the published version of the manuscript.

Funding: This research received external funding from project No. 5.72.170.684.

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: Not applicable.

Conflicts of Interest: The authors declare no conflict of interest.

References
1. Ten, E.B.; Drokin, A.S. High Aluminum Cast Iron Al22D-Advanced Multifunctional Material. Front. Manuf. Des. Sci. 2011,

121–126, 186–190.
2. Zhumadilova, Z.; Kaldybayeva, S.; Nuruldaeva, G.; Kumar, D. Study of the thermophysical and physical-mechanical properties

of high-alloyed aluminum cast iron. Periódico Tchê Química. 2019, 33, 30–40. [CrossRef]
3. Wojtysiak, A. The mechanism of disintegration Fe-Al-C alloy. Metalurgia 1990, 40, 43–61.
4. Wojtysiak, A. A Change in the Mechanical Properties of High-Aluminium Cast Iron During Annealing at High Temperatures.

Metalurgia 1990, 41, 81–94.
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Abstract: The research reported in the paper concerned the conditions of cooling high-chromium
cast iron with about 15% Cr content capable to ensure completeness of transformation of
supercooled austenite into martensite in order to obtain high hardness value of the material and
thus its high resistance to abrasive wear. For testing, castings were prepared with dimensions
120 mm × 100 mm × 15 mm cast in sand molds in which one of cavity surfaces was reproduced
with chills. From the castings, specimens for dilatometric tests were taken with dimensions
4 mm × 4 mm × 16 mm and plates with dimensions 50 mm × 50 mm × 15 mm for heat treatment
tests. The dilatometric specimens were cut out from areas subject to interaction with the chill.
The austenitizing temperature and time were 1000 ◦C and 30 min, respectively. Dilatograms of
specimens quenched in liquid nitrogen were used to determine martensite transformation start and
finish temperatures TMs and TMf, whereas from dilatograms of specimens quenched in air and in
water, only TMs was red out. To secure completeness of the course of transformation of supercooled
austenite into martensite and reveal the transformation finish temperature, it was necessary to
continue cooling of specimens in liquid nitrogen. It has been found that TMs depended strongly on
the quenching method whereas TMf values were similar for each of the adopted cooling conditions.
The examined cooling variants were used to develop a heat treatment process allowing to obtain
hardness of 68 HRC.

Keywords: high-chromium cast iron; austenitizing conditions; cooling conditions; martensite
transformation; hardness

1. Introduction

Resistance to abrasive wear is one of the main criteria in the process of selection materials for
construction and operation of machine components and parts [1]. Examples of such elements are
replaceable inserts for dies used to form die stampings of refractory materials. The stampings are press
molded of an aggregate of Al2O3-MgO type, containing also TiO2, SiO2, CaO, and Fe2O3. Particles of
the aggregate, characterized by sharp corner edges and hardness values of about 1800 HV0.5, scratch
surfaces of die inserts in the course of the press forming process. To date, the inserts are fabricated
from tool steels thermally processed to hardness of up to 60–61 HRC. However, the service live of the
inserts remains unsatisfactory to manufacturers of refractory materials.
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One material used widely for components working in conditions of intensive abrasive wear
specific for mining, ceramic, cement, and aggregate processing industries is the high-chromium cast
iron [2–5]. Shaping high-chromium cast iron microstructure in order to improve resistance to abrasive
wear is oriented at refinement of carbides by increasing the crystallization rate [6–8], improving
hardness by introduction of alloying additions [9–11], and applying heat treatment [12,13] aimed at
obtaining martensitic matrix [14–16]. However, too high martensite content may lead to fracturing
of the matrix in the surface region. On the other hand, during impact loads, iron with a martensitic
matrix is better in comparison to iron with the dominant austenitic matrix. The effect of microstructure
in high stress abrasion of white cast irons (WCI) have been widely discussed by Heino et al. [17].
They concluded that the austenite-to-martensite ratio and also carbides structure strongly effect on the
abrasion wear resistance of WCI specimens.

Unpublished results of present author’s tests performed on plate castings of 15% Cr cast iron
indicate that quenching them in air or in water from temperature of 1000 ◦C after austenitizing for
30 min is favorable from the point of view of high hardness values.

Technical literature of the subject lacks results of research concerning the effect of quenching
method on martensite transformation start and finish temperature, although such knowledge is
necessary for the purpose of developing thermal treatment schedules securing completeness of
transformation of supercooled austenite into martensite which would not produce excessive quenching
stresses and the resulting hardening cracks.

It is a well-known fact that the reduction of carbon content in austenite results in a decrease of
the martensite transformation temperature. The effect of alloying elements on transformations of
supercooled austenite in high-chromium cast iron results on their content in austenite. If complete
dissolution of carbides was not achieved in the course of austenitizing, then content of carbon and
alloying elements in austenite is lower than this revealed by chemical composition analysis of the alloy.

Value of the temperature TMs can be estimated based on chemical composition with the use
of empirical formulas of the type proposed by author of the paper [18]. Relevant relationships
are developed for conditions in which complete dissolution of carbides in austenite has occurred.
The formulae indicate that the strongest effect on decrease of TMs value is produced by carbon,
and further manganese, nickel, chromium, and molybdenum. Generality of these relationships is not
sufficient and for that reason, dilatometric tests are carried out to determine TMs values more precisely.
Dilatometry is a widely used experimental technique for measuring transformations and kinetics
of solid-state phase transformations that involve dimensional changes. The course of martensite
transformation is accompanied by changes in volume of specimens which are the base on which
temperatures and kinetics of phase transformations can be determined with the use of the dilatometric
method [19–21].

In view of the fact that carbides are characterized with the higher content of carbon and other
alloying elements compared to austenite from which they precipitated, it can be claimed that in case of
dissolution of carbides austenite is enriched in these elements. As a result, a decrease of TMs value
is observed. On the other hand, presence of carbides on boundaries of austenite grains hampers
their growth by hindering migration of grain boundaries. To break the grain boundary away from a
carbide, an amount of energy must be supplied, for instance by heating the alloy up to a sufficiently
high temperature. In the case of retention of fine austenite grains, conditions are created for rapid
nucleation and development of such diffusional processes as eutectoid or bainitic transformation. It the
applied cooling rate enables partial transformation of supercooled austenite into pearlite or bainite,
that will be reflected in chemical composition of austenite and thus also in TMs value. As a result,
TMs value decreases.

The issue of the effect of cooling rate on TMs in the process of quenching carbide-containing
steels was discussed in a number of publications. Authors of [22] have found that in the case of
low-alloy high-strength steels, lower values of TMs corresponded to higher specimen cooling rates.
They assumed that at lower values of the cooling rate, precipitation of chromium and molybdenum
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carbides become possible. That resulted of impoverishment of austenite in content of carbon and
alloying elements and ultimately in higher TMs values. In addition, authors of [23] have found that
with increasing rate of cooling 9Cr-1.7W-0.4Mo-Co steel in the quenching treatment, a decrease of
TMs value is observed. The authors suggest that the steel is susceptible to precipitation of carbides in
austenite at low cooling rates which is reflected in impoverishment of its content of carbon and other
alloying elements. At higher cooling rate values, the process of precipitation of carbides is blocked and
austenite is no longer impoverished in carbon and other alloying elements. As a result, lower TMs

values are observed. Authors of papers [24,25] suggest that by deformation of material in the course
of austenitizing, it is possible to obtain increased density of lattice imperfections which supports
nucleation of martensite and is favorable to increase of TMs value.

In paper [26] it was demonstrated that plastic deformation of steel at the austenitizing temperature
resulted in an increase of TMs and broadening the TMs–TMf temperature range. The authors of the
study suggest that the effect is connected with an increase of the number of lattice defects that can act
as nucleation sites for the start of the martensite transformation.

In the technical literature concerning the issue of high-chromium cast iron heat treatment,
numerous research projects were devoted to the possibility to shape microstructure favorable for
machinability or high resistance to abrasive wear of castings. Such studies are of great importance to
the industrial practice.

Conventional quenching of high-chromium cast iron does not guarantee complete transformation
of supercooled austenite into martensite which results in presence of retained austenite in the alloy
matrix. It is known that at high chromium content values, retained austenite is stable up to the
temperature range of 400–500 ◦C. Even longer soaking does not result in its transformation but
is favorable to precipitation of carbides. That way an impoverishment in carbon and chromium
occurs which, in the course of rapid cooling, facilitates transformation of austenite into martensite.
In high-alloy steels rich in chromium, such heating and cooling cycle is repeated a number of times
in order to secure complete transformation of retained austenite into martensite. Studies on thermal
treatment of that type for high-chromium cast iron aimed at increase of its hardness were carried out
by authors of papers [27–31]. A common feature of these reports consists of concluding that as a result
of precipitation of secondary carbides, impoverishment of austenite in carbon and carbide forming
alloying elements (Cr, Mn, Mo) occurs which leads to a rise in the martensite start TMs temperature.
Therefore, the supercooled austenite in the course of quenching and the retained austenite in the course
of tempering and rapid cooling can easily be transformed into martensite, resulting in bulk hardness
and wear resistance increase.

Studies on development of new heat treatment schedules for high-chromium cast iron were
conducted by authors of papers [32–35]. From this point of view, significant are studies on working
out TTT (Time – Temperature – Transformation) plots serving as a base for selection of heat treatment
parameter values [35].

Authors of [33] demonstrated the possibility to reduce hardness of high-chromium cast iron
(14.55% Cr) castings with the use of soaking at subcritical temperatures or with the use of soaking
at subcritical temperature preceded with quenching in oil. In the first case, hardness was reduced to
the value 38.5 HRC and in the second instance, to 37 HRC whereas the hardness of the material in
as-cast condition was 44 HRC. Such treatment was favorable to formation of the matrix microstructure
containing “ferrite + grainy carbides”. Duration the first heat treatment variant was 31 h and was longer
compared to the duration of the second variant which lasted for 17 h. Subcritical soaking temperatures
were 650 ◦C and 750 ◦C in the first variant of the treatment and 725 ◦C in the second variant. For a
high-chromium cast iron with the same chemical composition (14.55% Cr), the study [35] presented a
heating dilatogram from which it followed that the eutectoid transformation start temperature was
TAc1

p = 760 ◦C. Assuming that the rate of heating for which the dilatogram was taken corresponded to
the heating rate applied in both of the softening treatment variants, an opportunity appeared for further
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decrease of hardness at shorter treatment cycle. That can be achieved by increasing the annealing
temperature up to the range 725–760 ◦C.

Authors of [33] reported that in the case of high-chromium cast iron containing 2.7% C, 14.55% Cr,
2.20% Mn, and 0.93% Ni, austenitizing at temperature 950 ◦C for the period of 2 h secured precipitation
of secondary carbides, mainly M7C3, and the following cooling in oil enabled partial transformation of
supercooled austenite into martensite. A factor beneficial for the course of the transformation was a
decrease of carbon and chromium content in austenite due to emergence of secondary carbides which
led to an increase of TMs value. The volume fraction of non-transformed austenite was 64.9%. The cast
iron with such structure was characterized by hardness of 62 HRC. So high hardness value could be
made even higher by means of two methods promoting transformation of retained austenite into
martensite. The first method would consist of the application of a one-time or multiple tempering in
order to precipitate carbides from retained austenite and force the transformation of austenite into
martensite with the use of rapid cooling. In the second method, cryogenic treatment could be used,
aimed at transformation of retained austenite into martensite. Such approach to the issue is presented
in this paper.

In view of the above, the objective of the study was to acquire a new knowledge in scope of the
effect of cooling conditions from the adopted austenitizing temperature on martensite transformation
limiting temperatures, and in particular the conditions securing completeness of transformation of
supercooled austenite into martensite which is necessary to develop heat treatment processes securing
low susceptibility to quenching cracks and high hardness of castings of chromium cast iron containing
about 15% Cr.

2. Materials and Methods

For the tests, chromium cast iron casting with about 15% content of Cr and dimensions
120 mm × 100 mm × 15 mm were made. Liquid metal was prepared in an induction furnace with
about 20 kg charge capacity. The foundry mixture per 10 kg of alloy included: 4 kg of grade L210H21S
cast steel; 1.5 kg of special pig iron LS; 0.2 kg of FeCr; 1.0 kg of steel; 0.08 kg of carburizer; 0.05 kg
of FeMo; 0.03 kg of FeB; 0.05 kg of FeMn; 0.04 kg of FeSi; and 3 kg of scrap high-chromium cast iron.
Analysis of chemical composition was carried out with the use of Q4 Tasman emission spectrometer
(Bruker, Kalkar, Germany). Results of analysis are summarized in Table 1.

Table 1. Chemical composition of 15% Cr cast iron.

Element Content (wt.%)

C Si Mn P S Cr Mo Ni Cu B Fe
3.50 1.10 0.65 0.03 0.030 15.30 0.50 0.30 0.04 0.02 Bal

The liquid metal was poured at temperature 1450 ◦C into two twin-cavity sand molds with
horizontally oriented cavities lower surfaces of which were reproduced by steel chills with thickness
of 15 mm. Surfaces of chills were covered with black from acetylene-oxygen flame. The molds were
provided with knife gates.

After shaking out from molds and cutting gate assemblies off, surfaces of the castings were cleaned
in a jet of carborundum particles, smoothed by grinding, and cut into cubes with dimensions
60 mm × 50 mm × 15 mm using Struers Labotom-3 water-cooled metallographic cutter (Struers,
Copenhagen, Denmark). Hardness of the cubes on the side of surfaces reproduced by chills was
58 HRC, and on the side of surfaces reproduced by sandmix was 48 HRC. From one side of the cubes,
five slices of the material were cut off, each with thickness of 4 mm. Out of the slices, from the regions
on the side of surface reproduced by the chill, specimens for dilatometric tests (Ø4 mm × 16 mm) were
cut out with the use of BP95d wire erosion machine (ZAP B.P., Końskie, Poland )

Dilatometric tests were carried out on an upgraded dilatometer LS4 (Institute for Ferrous
Metallurgy, Gliwice, Poland ) equipped with a computer program for furnace heating and cooling
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control as well as a program for recording elongation and temperature of specimens. Ni-CrNi
thermocouples were used with wire diameter of 0.15 mm. The specimens were tested in protective
atmosphere of argon. The specimens were heated at rate Vheat = 400 ◦C/h up to and maintained at
the austenitizing temperature of 1000 ◦C for 30 min and then cooled in compressed air, water, or
liquid nitrogen.

The analysis of microstructures was performed using a VEGA 3 scanning electron microscope
(SEM, TESCAN, Brno, Czech Republic). All prepared samples were etched in Kalling’s reagent for
matrix/carbide contrast. The volume fraction of carbide was evaluated with the use of Neophot
2 optical microscope equipped with Videotronic CC20P camera (Videotronic International, Rastatt,
Germany) and Multiscan v.08 advanced image analysis system (University of Warsaw, Warsaw, Poland).
The analysis was carried out in 10 areas under 500×magnification.

3. Results and Discussion

The characteristic microstructure of 15% Cr cast iron in its original state is shown in Figure 1.
Microstructure of the cast iron in the as-cast condition is characterized by primary carbides and the
matrix containing bainite, the austenite-eutectic carbides eutectic, and martensite. The volume fraction
of carbides fell into the range 29.2–30.7%.
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Figure 1. SEM microstructure of 15% Cr cast iron specimen as cast condition. Different phases, primary
chromium carbide precipitates (PC), eutectic carbide precipitates (EC), martensite (M), bainite (B) and
austenite (A) are indicated by arrows: (a) after deep etching, (b) after light etching, (c) after deep etching.
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Example dilatograms and selected SEM microstructure images for the different states of the treated
samples are presented in Figures 2–4. Martensite transformation start and finish temperatures were
determined with the use of the tangent method. The dilatograms contain also average values of the
cooling rate in temperature ranges 800–400 ◦C and 400 ◦C–TMs.
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Figure 2. The 15% Cr cast iron specimen (Vheat = 400 ◦C/h, TA = 1000 ◦C, τA = 30 min) cooled
in air (Vcool 800–400 = 6.9 ◦C/s, Vcool 400–TMs = 1.9 ◦C/s): (a) a dilatogram; (b) SEM microstructure,
etched section; retained austenite (RA), martensite (M), eutectic carbides (EC), and secondary carbides
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Figure 3. A dilatogram for 15%Cr cast iron (Vheat = 400 ◦C/h, TA = 1000 ◦C, τA = 30 min) cooled
in water (Vcool 800–400 = 20.9 ◦C/s, Vcool 400–TMs = 3.8 ◦C/s): (a) a dilatogram; (b) SEM microstructure,
etched section; retained austenite (RA), martensite (M), primary (PC), and secondary carbides (SC)
have been marked.
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Figure 4. A dilatogram for 15% Cr cast iron (Vheat = 400 ◦C/h, TA = 1000 ◦C, τA = 30 min) cooled in liquid
nitrogen (Vcool 800–400 = 14.8 ◦C/s, Vcool 400–TMs = 6.0 ◦C/s): (a) a dilatogram; (b) SEM microstructure,
etched section; martensite matrix (M) as well as eutecitc (EC), and secondary carbides (SC) have
been marked.

It has been found that the course of martensite transformation was accompanied by an increase
of cast iron volume which can be noted on dilatograms in the form of inflection in the direction of
increasing specimen elongation values with decreasing temperature (Figures 2–4). Once its driving
force in the form of decreasing temperature was used up, the transformation of supercooled austenite
into martensite was halted which was observed in case of cooling in compressed air (Figure 2a) and
in water (Figure 3a). As a result, residual austenite was still visible in the cast iron microstructure.
Representative microstructure images are shown in Figures 2b and 3b.

The use of cooling medium with much lower temperature, which was liquid nitrogen (−195.8 ◦C),
resulted in occurrence of a full course of transformation of supercooled austenite into martensite
(Figure 4). In the dilatogram of Figure 4a, that is evidenced by occurrence of an inflection in the
direction of decreasing specimen elongation values. As can be seen in Figure 4b, the microstructure of
the analyzed samples consisted of eutectic carbides (EC) and secondary carbides (SC) surrounded by a
martensite matrix (M).

It is worth noting that in the first temperature range 800–400 ◦C, the cooling rate in liquid nitrogen
is lower than the cooling rate in water. That is a result of turbulent evaporation of the medium around
the specimen mounted in the dilatometer tube. In the second temperature range 400 ◦C–TMs, intensity
of evaporation of liquid nitrogen decreased significantly which improved effectiveness of heat sinking
from specimens. Within that temperature range, the highest cooling rate was observed in the specimen
quenched in liquid nitrogen, somewhat lower in the specimen hardened in water, and lowest in the
specimen quenched in air.

Results of examination of the effect of medium used to quench 15% Cr cast iron on cooling
rate value in temperature ranges 800–400 ◦C and 400 ◦C–TMs and martensite transformation limiting
temperatures are given in Table 2.
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Table 2. The effect of type of medium used to quench 15% Cr cast iron on value of the cooling rate
Vcool in temperature ranges 800–400 ◦C and 400 ◦C–TMs and on martensite transformation limiting
temperature values.

Cooling Medium Air Water Liquid Nitrogen

Cooling rate ( ◦C/s)

in the range 800–400 ◦C 6.9 20.9 14.8
in the range 400 ◦C–TMs 1.9 3.8 6.0

TMs ( ◦C) 128 62 20
TMf ( ◦C) n.a. n.a. −97

* Heating rate Vheat = 400 ◦C/h; Austenitizing temperature TA = 1000 ◦C; Austenitizing time τA = 30 min

The obtained results indicate that cooling conditions have an effect on the martensite transformation
start temperature. Hysteresis of the martensite transformation start temperature is characterized
by decreasing together with increasing cooling rate in the second temperature range 400 ◦C–TMs.
For cooling conditions either in air, water, or liquid nitrogen, the martensite transformation start
temperature assumes positive values, from 128 ◦C for air, through 62 ◦C for water, to 20 ◦C for liquid
nitrogen. Only the use of liquid nitrogen secures completeness of transformation of supercooled
austenite into martensite.

Examination of the effect of the cooling medium type (compressed air, water, liquid nitrogen)
used in the process of quenching plate specimens on their hardness values were carried out for the
same cooling rate values and conditions of austenitizing as those adopted in dilatometric tests. In the
course of heating and austenitizing in Nabertherm N/61H furnace, specimens were dusted with dry
quartz sand. Hardness was evaluated with the use of Rockwell hardness testing machine in scale C.
Results of testing hardness of the specimens on the side reproduced by chill are summarized in Table 3.

Table 3. Hardness values for 15% Cr cast iron plate specimens on the side reproduced by chill, cooled
in compressed air, water, or liquid nitrogen from temperature 1000 ◦C after austenitizing for 30 min.

Cooling Medium Air Water Liquid Nitrogen

HRC hardness 63 64 68

* Heating rate Vheat = 400 ◦C/h; Austenitizing temperature TA = 1000 ◦C; Austenitizing time τA = 30 min

The obtained results indicate that the use of liquid nitrogen as the cooling medium resulted in the
temperature decrease deep enough to secure completeness of martensite transformation in the group
of tested specimens. It turned out that cooling in water allowed to achieve higher specimen hardness
values compared to those observed in specimens cooled in compressed air. The results suggest that the
degree of transformation of supercooled austenite into martensite obtained in the course of cooling the
specimens in water is higher compared to the degree of transformation of supercooled austenite into
martensite in specimens cooled in compressed air.

Further dilatometric tests included two stages of cooling. After 1 h, the specimens cooled
in compressed air were, without dismounting from dilatometer, subject to further cooling in liquid
nitrogen (deep cryogenic treatment). The same dilatometric testing procedure was applied to specimens
cooled in water. Example dilatograms taken in the course of the tests are presented in Figure 5.
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Figure 5. A dilatograms of 15% Cr cast iron (Vheat = 400 ◦C/h, TA = 1000 ◦C, τA = 30 min) cooled: (a) in
air and after 1 h, in liquid nitrogen; (b) in water and after 1 h, in liquid nitrogen.

Analysis of the obtained dilatograms indicates that application of the two-stage procedure of
cooling to dilatometric specimens triggered resumption of transformation of supercooled austenite
into martensite (Figure 6).
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Figure 6. The SEM microstructure images of 15% Cr cast iron (Vheat = 400 ◦C/h, TA = 1000 ◦C,
τA = 30 min) cooled: (a) in air and after 1 h, in liquid nitrogen; (b) in water and after 1 h, in liquid nitrogen.

The obtained dilatograms illustrate changes in specimen dimensions in the course of temperature
decreasing. The nature of the changes is however different than in the case of direct cooling the
specimens in liquid nitrogen (Figure 4). The last resolute inflection of the plot line in direction
corresponding to decrease of specimen dimensions evidences occurrence of a complete course
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of supercooled austenite transformation into martensite and allows to determine the martensite
transformation finish temperature TMf. The obtained dilatograms evidence the possibility to trigger
transformation of supercooled austenite into martensite as a result of immersing specimens in a cooling
medium with sufficiently low temperature. The microstructure of the tested samples consisted of
martensite (M), eutectic carbides (EC), and secondary carbides (SC), whereas no residual austenite
(RA) was observed (Figure 6). On the other hand, it can be assumed that the course of transformation
of supercooled austenite into martensite is less violent compared to the variant with direct cooling in
liquid nitrogen. This should result in lower level of quenching stresses and thus less susceptibility of
castings to quenching cracks.

Results of the research on the effect of two-stage quenching on martensite transformation
temperatures in 15% Cr cast iron are given in Table 4.

Table 4. Results of the research on determination of martensite transformation limiting temperatures
in 15% Cr cast iron after two-stage cooling, first in compressed air and then in liquid nitrogen and first
in water and then in liquid nitrogen.

Cooling Medium First Compressed Air,
then Liquid Nitrogen

First Water,
then Liquid Nitrogen

TMs ( ◦C) 128 62
TMf ( ◦C) −93 −95

* Heating rate Vheat = 400 ◦C/h; Austenitizing temperature TA = 1000 ◦C; Austenitizing time τA = 30 min

The obtained results indicate that the use of a medium with significantly lower temperature
such as liquid nitrogen (–195.8 ◦C) in the second stage of cooling allowed to finish off the process
of transformation of supercooled austenite still remaining in specimens cooled in air or in water
into martensite.

When two-stage cooling was applied in order to ensure completeness of martensite transformation,
TMf values in the variant with compressed air and in the variant with water (−93 ◦C and −95 ◦C,
respectively) may be considered comparable.

Results of examination of the effect of two-stage cooling first in compressed air and then in liquid
nitrogen or first in water and then in liquid nitrogen on hardness values of plate specimens on their
sides reproduced with chills are given in Table 5. The plate specimens, protected from oxidation
by dusting with a dry quartz sand sprinkle, were austenitized at temperature 1000 ◦C for 30 min in
Nabertherm N/61H furnace.

Table 5. Results of hardness measurements for plate specimens of 15% Cr cast iron austenitized at
1000 ◦C for 30 min, then cooled in compressed air and further in liquid nitrogen or in compressed air
and further in liquid nitrogen. Measurements taken on surface reproduced by chill.

Cooling Medium First Compressed Air,
then Liquid Nitrogen

First Water,
then Liquid Nitrogen

Plate hardness (HRC) 68 68

* Heating rate Vheat = 400 ◦C/h; Austenitizing temperature TA = 1000 ◦C; Austenitizing time τA = 30 min

The obtained results indicate that under the same conditions of austenitizing, application of
diversified processes of cooling securing complete transformation of supercooled austenite into
martensite allowed to obtain the same high hardness values of 15% Cr cast iron.

The austenite, in view of its supersaturation with carbon and alloying elements,
is thermodynamically unstable. For that reason, it is susceptible to precipitation of carbides out
of it. Elevation of alloy temperature favors the process energetically. Precipitation of carbides in
high-chromium cast iron leads to impoverishment of austenite in carbon, chromium, and other
elements included in composition of chromium carbides. Authors of the paper [35] demonstrated that
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precipitations of chromium carbides from austenite in a cast iron containing 14.55% Cr proceeded
fastest at the temperature of 950 ◦C. The process started as early as after 10 s and ended within the
period of 160 min. The austenite impoverished in carbon and other alloying elements, transforms into
martensite in the course of rapid cooling. The austenite-martensite transformation temperature is the
higher, the less carbon and carbide formers are contained in austenite. The process of precipitation of
chromium carbides requires diffusive migration of atoms making up the carbides to thermodynamically
favorable locations such as grain boundary defects, crystalline lattice defects, glide bands, or austenite
regions adjacent to carbides in which plastic deformations could occur as a result of different linear
expansion coefficient values. The observed higher values of TMs for conditions of quenching in air can
be explained so that the period of keeping specimens in the range of high temperatures turned out to
be sufficiently long for the process of precipitation of carbides and change in chemical composition of
austenite. In the conditions of cooling in liquid nitrogen, the period of maintaining specimens in the
range of high temperatures was too short for the process of precipitation of carbides in the course of
cooling which resulted in lower TMs values.

4. Conclusions

The obtained results of the research on the effect of variant cooling processes applied to 15% Cr
cast iron specimens from the austenitizing temperature of 1000 ◦C after the austenitizing time of 30 min
on martensite transformation temperatures and hardness values indicate that:

• the cooling rate, especially in the temperature range 400 ◦C–TMs, is decisive for martensite
transformation start temperatures;

• cooling in air or in water does not secure completeness of transformation of supercooled austenite
into martensite;

• the martensite transformation start temperature TMs is sensitive to the cooling rate and amounts
to 128 ◦C for cooling in air, 62 ◦C for cooling in water, and 20 ◦C for cooling in liquid nitrogen;

• in case of cooling in air or in water, it is possible to force completeness of the course of transformation
of supercooled austenite into martensite, however this requires application of an additional
operation of cooling in a medium with temperature lower than the martensite transformation
finish temperatures (−93 ◦C and −95 ◦C, respectively);

• application of diversified variant cooling processes guaranteeing completeness of transformation
of supercooled austenite into martensite allowed to obtain the hardness value of 68 HRC in plate
specimens on their side reproduced by chills.
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12. Kopyciński, D.; Guzik, E.; Siekaniec, D.; Szczęsny, A. Analysis of the High Chromium Cast Iron Microstructure
after the Heat Treatment. Arch. Foundry Eng. 2014, 14, 43–46. [CrossRef]

13. Gonzalez-Pociño, A.; Alvarez-Antolin, F.; Asensio-Lozano, J. Influence of Thermal Parameters Related to
Destabilization Treatments on Erosive Wear Resistance and Microstructural Variation of White Cast Iron
Containing 18% Cr. Application of Design of Experiments and Rietveld Structural Analysis. Materials 2019,
12, 3252. [CrossRef] [PubMed]

14. Coronado, J.J.; Gómez, A.; Sinatora, A. Tempering temperature effects on abrasive wear of mottled cast iron.
Wear 2009, 267, 2070–2076. [CrossRef]

15. Hadji, A.; Bouhamla, K.; Maouche, H. Improving Wear Properties of High-Chromium Cast Iron by Manganese
Alloying. Int. J. Metalcast. 2016, 10, 43–55. [CrossRef]

16. Bedolla-Jacuinde, A.; Guerra, F.; Mejia, I.; Vera, U. Niobium Additions to a 15%Cr–3%C White Iron and its
Efects on the Microstructure and on Abrasive Wear Behavior. Metals 2019, 9, 1321. [CrossRef]

17. Heino, V.; Kallio, M.; Valtonen, K.; Kuokkala, V.T. The role of microstructure in high stress abrasion of white
cast irons. Wear 2017, 388–389, 119–125. [CrossRef]

18. Andrews, K.W. Empirical Formulae for the Calculation of Some Transformation Temperatures. J. Iron
Steel Inst. 1965, 203, 721–727.

19. Yang, H.S.; Bhadeshia, H.K.D.H. Uncertainties in Dilatometric Determination of Martensite Start Temperature.
Mater. Sci. Technol. 2007, 23, 556–560. [CrossRef]

20. Warke, V.S.; Sisson, R.D., Jr.; Makhlouf, M.M. A Model for Converting Dilatometric Strain Measurements to
the Fraction of Phase Formed During the Transformation of Austenite to Martensite in Powder Metallurgy
Steels. Metall. Mater. Trans. A 2009, 40A, 569–572. [CrossRef]

21. Gomez, M.; Medina, S.F.; Caruana, G. Modelling of Phase Transformation Kinetics by Correction of
Dilatometry Results for a Ferritic Nb-microalloyed Steel. ISIJ Int. 2003, 43, 1228–1237. [CrossRef]

22. De Souzaa, S.d.; Moreiraa, P.S.; de Fariaa, G.L. Austenitizing Temperature and Cooling Rate Effects on the
Martensitic Transformation in a Microalloyed-Steel. Mater. Res. 2020, 23, 1–9.

23. Gao, Q.; Wang, C.; Qu, F.; Wang, Y.; Qiao, Z. Martensite transformation kinetics in 9Cr-1.7W-0.4Mo-Co ferrite
steel. J. Alloys Compd. 2014, 610, 322–330. [CrossRef]

24. Durlu, T.N. Effects of High Austenitizing Temperature and Austenite Deformation on Formation of Martensite
in Fe-Ni-C Alloys. J. Mater. Sci. 2001, 36, 5665–5671. [CrossRef]

25. Sastri, A.S.; West, D.R.F. Effect of Austenitizing Conditions on the Kinetics of Martensite Formation in Certain
Medium-Alloy Steels. J. Iron Steel Inst. 1965, 203, 138–149.

164



Materials 2020, 13, 2760

26. Alvarado-Meza, M.A.; García-Sanchez, E.; Covarrubias-Alvarado, O.; Salinas-Rodriguez, A.;
Guerrero-Mata, M.P.; Colás, R. Effect of the High-Temperature Deformation on the Ms Temperature
in a Low C Martensitic Stainless Steel. J. Mater. Eng. Perform. 2013, 22, 34–350. [CrossRef]

27. Efremenko, V.; Shimizu, K.; Chabak, Y. Effect of Destabilizing Heat Treatment on Solid-State Phase
Transformation in High-Chromium Cast Irons. Metall. Mater. Trans. A 2013, 44A, 5434–5446. [CrossRef]

28. Powell, G.L.F.; Laird, G.J., II. Structure, nucleation, growth and morphology of secondary carbides in high
chromium and Cr-Ni white cast irons. Mater. Sci. 1992, 27, 29–35. [CrossRef]

29. Maratray, F. Choice of appropriate compositions for chromium-molybdenum white irons. Trans. AFS 1971,
79, 121–124.

30. Wiengmoon, A.; Chairuangsri, T.; Pearce, J.T.H. A Microstructural Study of Destabilised 30wt%Cr-2.3wt%C
High Chromium Cast Iron. Iron Steel Inst. Jpn. Int. 2004, 44, 396–403. [CrossRef]

31. Laird, G., II; Powell, G.L.F. Solidification and Solid-State Transformation Mechanisms in Si Alloyed
High-Chromium White Cast Irons. Metall. Trans. A 1993, 24A, 981–988. [CrossRef]

32. Guitar, M.A.; Suárez, S.; Prat, O.; Guigou, M.D.; Gari, V.; Pereira, G.; Mücklich, F. High Chromium Cast Irons:
Destabilized-Subcritical Secondary Carbide Precipitation and Its Effect on Hardness and Wear Properties.
J. Mater. Eng. Perform. 2018, 27, 3877–3885. [CrossRef]

33. Efremenko, V.G.; Wu, K.M.; Chabak, Y.U.G.; Shimizu, K.; Isayev, O.B.; Kudin, V.V. Alternative Heat Treatments
for Complex-Alloyed High-Cr Cast Iron Before Machining. Metall. Mater. Trans. A 2018, 49A, 3430–3440.
[CrossRef]

34. Karantzalis, A.E.; Lekatou, A.; Mavros, H. Microstructural Modifications of As-Cast High-Chromium White
Iron by Heat Treatment. J. Mater. Eng. Perform. 2009, 18, 174–181. [CrossRef]

35. Efremenko, V.G.; Chabak, Y.U.G.; Brykov, M.N. Kinetic Parameters of Secondary Carbide Precipitation
in High-Cr White Iron Alloyed by Mn-Ni-Mo-V Complex. J. Mater. Eng. Perform. 2013, 22, 1378–1385.
[CrossRef]

© 2020 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

165





materials

Article

Dehydroxylation of Perlite and Vermiculite: Impact on
Improving the Knock-Out Properties of Moulding and Core
Sand with an Inorganic Binder

Artur Bobrowski 1,*, Karolina Kaczmarska 1 , Maciej Sitarz 2 , Dariusz Drożyński 1, Magdalena Leśniak 2 ,
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Abstract: The article presents the results of research aimed at examining the type of swelling material
introduced into moulding or core sand to improve their knock-out properties. Tests on Slovak perlite
ore (three grain sizes), Hungarian perlite ore and ground vermiculite (South Africa) were carried out.
For this purpose, thermal and structural analyses (FTIR—Fourier Transform Infrared Spectroscopy),
a chemical composition test (XRF-X-Ray Fluorescence), phase analysis (XRD—X-Ray Diffraction),
and scanning electron microscopy (SEM—Scanning Electron Microscope) as well as final strength
tests of moulding sands with the addition of perlite ore and vermiculite were carried out. The results
of thermal studies were related to IR (Infrared Spectroscopy) spectra and XRD diffractograms. It has
been shown that the water content in the pearlite ore is almost three times lower than in vermiculite,
but the process of its removal is different. Moreover, the chemical composition of the perlite ore,
in particular the alkali content and its grain size, may influence its structure. The phenomena of
expansion (perlite) and peeling (vermiculite) have a positive effect on the reduction of the final sand
strength and eliminate technological inconveniences (poor knocking out) that significantly limit the
wide use of moulding sands with inorganic binders.

Keywords: aluminosilicate; perlite; vermiculite; dehydroxylation; thermal analysis; FTIR; XRD; XRF;
SEM; moulding sand; inorganic binder

1. Introduction

The current state of knowledge indicates that many attempts have been made to
eliminate the main technological disadvantage, which is poor knock-out property, that
limits the wide use of moulding sands with inorganic binders in a foundry. Taking into
consideration the increasing requirements and limitations of environmental protection
regulations, it can be predicted that the competitiveness of this type of binder in relation to
organic binders will increase. Their wide use is supported by the possibility of obtaining
good technological and mechanical properties, the purchase price, much lower than that of
organic binders, as well as a small amount of harmful products of thermal decomposition
(in the form of gases) generated when pouring molds with a liquid casting alloy and
lower costs of waste disposal [1,2]. In addition, the foundries also bear costs related to
environmental fees, the amount of which strongly depends on the quantity and quality of
generated waste, including gas products. The assessment of the harmfulness of moulding
sand does not only concern emissions to the atmosphere. What should also be remembered
are the work environment and the frequent exposure of workers to large amounts of
harmful substances. To increase the competitiveness and interest of the foundries in
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inorganic binders, it seems necessary to eliminate or significantly reduce poor knock-out
properties. They are the result of the so-called second maximum strength resulting from
exposure to a high temperature [3,4]. Many attempts have been made to improve the knock-
out properties with the use of various types of materials or by modifying the structure of
inorganic binders, e.g., by introducing metal oxides. All these measures were aimed at
reducing the final strength of the moulding sand and thus led to an improvement in the
knock-out properties [5–13].

Knowing the characteristic feature of commonly available materials of mineral origin
(perlite ore, vermiculite), which is the increase in volume under the influence of temperature
(expansion and exfoliation phenomena), associated with the high speed dehydroxylation
reaction [14–18], it was assumed that their introduction into moulding or core sand would
reduce the final sand strength and would reduce the technological inconvenience associated
with poor knock-out properties. The kinetic energy of the swelling additive located between
the grains of the grain matrix will disrupt the continuity of the hardened binder layer
and contribute to loosening of the hardened sand and lowering the final strength. Thanks
to this, the knock-out will also be improved. Because the minerals belong to the group
of inorganic materials, they will not emit harmful gaseous products during heating. In
this way, it becomes possible to preserve the basic advantage of sands with inorganic
binders—they will remain environmentally friendly.

Based on a literature review, it was found that Greek perlite (Milos Island) is the
best studied perlite deposit in Europe [19–21]. The paper [21] compares the chemical
compositions of Greek, Italian, Hungarian, Chinese, and Turkish perlites and describes
the impact of heat treatment processes on changes in IR spectra. However, there is no
reference to Slovak perlite and the relationship between the chemical composition and
phase changes under the influence of temperature and the results of FTIR structural studies.
In the publication [22] on the Slovak perlite ore from the Lehôtka deposit near Brehmi, it
was shown that it mainly contains biotite, albite, quartz, and smectite, but the influence of
the ore grain size on any changes in the phase composition or changes taking place in the
pearlite ore under the influence of temperature (dehydroxylation, chemical composition,
phase transitions) have not been described. No detailed studies were found for thermal,
structural, and phase analyses for perlite ore from Hungarian deposits beyond the chemical
composition listed in [21].

In the works [23–25], thermal properties of natural vermiculite were determined.
The publication [23,24] concerned the Santa Olalla vermiculite deposit (Huelva, Spain),
and tests on samples before and after grinding in a vibratory mill were carried out. In
turn, in the publication [25], the authors, referring to the obtained research results, stated
that, in their opinion, this process was not sufficiently explained, and therefore a detailed
characterization of the structural evolution during the dehydration of high-purity raw
vermiculite from the Chinese deposit in Hebei Province using the XRD method in-situ was
carried out.

Earlier studies of South African vermiculite from the Palabora deposit showed that it
is not pure, as the content of potassium oxide (K2O) is higher than 0.35% [26] and contains
relatively high levels of iron [27]. It is considered to be one of the most environmentally
friendly due to the fact that it is free of asbestos-like fibers and free crystalline silica [28],
which is extremely important for the preparation of moulding sand.

In the literature, one can find work on reducing the final strength of moulding sand
with an inorganic binder with the use of mineral additives, where the sand was introduced
with an additive named Glassex, which is expanded perlite [4,7,10]. A significant gap is
the lack of data on the effect of perlite ore with a different grain size and type of deposit
on the ability to reduce the final strength of moulding and core sand, and thus improve
its knock-out properties. There is also no comparison on the difference between the final
strength of moulding sands with an inorganic binder if, at the stage of their preparation,
perlite or vermiculite ore is added.
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According to the authors, the results contained in the publication supplement the
knowledge available so far.

2. Materials and Methods
2.1. General Characteristics of Materials

Perlite ore from Slovak deposits (SP1–SP3 samples; Perlit AF Sp. Z o.o., Kazimierz
Biskupi, Poland) of various grain sizes, Hungarian perlite ore (HP sample; Perlit AF Sp. Z
o.o., Kazimierz Biskupi, Poland), and South African vermiculite (V; Vermiculite Poland,
Ełk, Poland) were used for the tests. The moulding sands for determination of the tensile
strength (Rtk

m) according to the following protocol was carried out:

• Moulding sand without additives (G)—quartz sand form Szczakowa mine, Sibelco
Poland (Bukowno, Poland) (97.28%), inorganic Geopol® binder form Sand Team
S.r.o, Holubice, Czech Republic) (2.43%), ester hardener SA72 form Sand Team S.r.o,
Holubice, Czech Republic (0.29%);

• Moulding sand with perlite ore (SP1–SP3 and HP)—quartz sand form Szczakowa
mine, Sibelco Poland (Bukowno, Poland) (95.42%), inorganic Geopol® binder form
Sand Team S.r.o, Holubice, Czech Republic (2.38%), ester hardener SA72 form Sand
Team S.r.o, Holubice, Czech Republic (0.29%), perlite ore (1.91%);

• Moulding sand with vermiculite (V)—quartz sand form Szczakowa mine, Sibelco
Poland (Bukowno, Poland) (96.34%), inorganic Geopol® binder form Sand Team
S.r.o, Holubice, Czech Republic (2.41%), ester hardener SA72 form Sand Team S.r.o,
Holubice, Czech Republic (0.29%), vermiculite (0.96%).

2.1.1. Perlite Ore

Perlite ore is a transformed effusive rock built of volcanic glass, whose name comes
from the French “pearl” (in German “Perlstein”), and is connected with the ball (pearl)
form. This form is a result of the stresses caused by the rapid cooling of the glaze. Perlite ore
also has a characteristic color and gloss [16,29,30]. Chemically, the perlite is a metastable,
amorphous, hydrated potassium-sodium aluminosilicate with a cryptocrystalline structure.
In the structure of perlite, apart from chemically bound water, the content of which usually
ranges from 2.0 to 5.0% by volume, there may also be quartz inclusions, plagioclase, biotite,
and secondary minerals such as montmorillonite or zeolite [30,31]. Deposits of the Slovak
perlite are found in tertiary rocks in volcanic areas in the central and eastern part of Slovakia.
They are a part of a complex of rocks made of tuffs, rhyolites, and andesites. The resources
of these deposits are estimated at over 30 million tons [14]. The tested samples came from
the Lehôtka deposit. In turn, Hungarian perlite belongs to the group of Upper Miocene
rocks of the rhyolite-rhyodacite type. It was created as a result of undersea volcanic
activity on the edge of a subduction zone, with very acidic viscous lava and pyroclastic
materials. This ore contains 90–95% of amorphous volcanic glaze, 5.0 to 6.0% of crystalline
components, mainly quartz, plagioclase, biotite, and 2.5–3.5% of water [14,32]. Despite
comparable prices of these raw materials, perlite from the Hungarian deposits differs from
the Slovak perlite ore in terms of properties of the obtained expanded perlite. The Slovak
perlite is characterized by a creamier color, higher density, and higher mechanical strength.
On the other hand, the Hungarian perlite ore is characterized by a very fine graining and
lower mechanical strength [14].

2.1.2. Vermiculite

The name “vermiculite” comes from the Latin word vermiculus and means “worm”.
Thus, it refers to the characteristic appearance of the mineral after its rapid heating. Then,
the conversion of its internal layers occurs due to the separation of the inter-packet water.
The evaporation of the water results in a 15- to 30-fold increase in volume. This process
is called exfoliation, i.e., the separation of layers (plates) in grains, and is carried out at
a temperature of about 900–1000 ◦C. Its effect is to increase the volume while reducing
the apparent and bulk density [33–37]. In the case of some vermiculites, the beginning

169



Materials 2021, 14, 2946

of the exfoliation process can be observed at a temperature of 300 ◦C [36]. As shown in
previous studies [34], as a result of rapid heating to 100 ◦C, vermiculite loses about 50%
of the interlayer water, but at this temperature, the layer separation process (exfoliation)
does not occur. The vermiculite ((Mg, Fe, Al)3(Al, Si)4O10(OH)2·4H2O) belongs to the
group of clay minerals, which belong to the group of 2:1 type phyllosilicate packets,
where the octahedron layer is closed between two tetrahedron layers, vertices facing each
other [34,37–41]. Vermiculite is formed as a result of the hydrolysis and weathering of
magma packet rocks, hydrothermal action, seepage of groundwater or a combination of
these three factors, from dark types of biotite, hydrobiotite, and phlogopite belonging to
the mica group [34–36,42]. Vermiculite is very rarely present as a pure component, and
most often it forms mosaic-like mixed-pack structures. Depending on the deposit and its
impurities, its color ranges from yellow-golden, brown to olive [34,43–45].

2.2. Characterization of Methods

The following devices and research methodology were used in the research:

• The perlite ore samples did not require preparation. In turn, vermiculite was subjected
to the process of grinding (comminuting) in a ball mill in order to obtain a fine-grained
fraction, because only the material prepared in this way is suitable for use in moulding
sands.

• Sieve analysis on a standard set with a mesh size from 0.056 to 1.6 mm (average of
two measurements), in accordance with the Polish Standard (PN–85/H–11001) was
carried out.

• Simultaneous TG/DTG/DTA (Thermal Gravimetry/Differential Thermal Gravime-
try/Differential Thermal Analysis) thermal examinations of the tested materials were
performed with use of the Thermal Analyzer produced by Jota (Kraków, Poland). The
temperature range of test was 20–1000 ◦C, and the heating rate was 10 ◦C/min in an
air atmosphere in alumina pans.

• Structural studies were carried out by means of infrared spectroscopy (FTIR) by a
transmission technique consisting of preparing pellets in potassium bromide (KBr),
using an Digilab Excalibur FTS 3000 (Bio Rad, Hercules, CA, USA) spectrometer
with a standard DTGS detector. The spectra were recorded in the Resolution Pro
(Varian/Agilent Technologies, Santa Clara, CA, USA) program in the specific infrared
range (4000–400 cm−1), with a resolution of 4 cm−1. In order to obtain the appropriate
quality of the spectra, the samples were ground in the form of fine powder in agate
mortars and then mixed with KBr in the ratio 1:100. Test material samples were
obtained as a result of rapid heating in a silite furnace at a temperature in the range of
100–1000 ◦C. The residence time of the sample in the oven was 10 min in each case.

• The chemical composition of the investigated materials was determined by the X-ray
Fluorescence Spectrometry (XRF) method, using a WD-XRF Axios Max spectrometer
with Rh 4 kW PANalytical lamp (Malvern Panalytical, Malvern, UK).

• To analyze the phase composition of the materials, a Philips/Panalytical X’Pert Pro MD
powder diffractometer (Malvern Panalytical, Malvern, UK) using Cu Kα1 radiation
was used. Standard Bragg-Brentano geometry with a θ–2θ setup was applied (0.008◦

step size and 5–90◦ 2θ range). Highscore Plus 3.0 software with a database (Version:
PDF-4+2021 powder diffraction database, 2021, International Centre for Diffraction
Data, Newtown Square, Pennsylvania, USA) was used to determine the positions of
the observed peaks and assign them to the appropriate phases.
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• Moulding sands with an inorganic geopolymer binder were prepared in a roller mixer.
First, sand without additives (without perlite ore and vermiculite) was prepared,
which was the reference point. Then, the moulding sands with additives were pre-
pared. The mixing time was 5 min in each case. The loose components, i.e., the grain
matrix (quartz sand) and the perlite ore/ground vermiculite (mixing time 1 min)
were mixed first, then the SA72 hardener (Sand Team S.r.o, Holubice, Czech Republic)
(mixing time 1 min) was added, and the (Geopol binder Sand Team S.r.o, Holubice,
Czech Republic) (mixing time 3 min) was added in the last stage.

• Standard fittings for determining the tensile strength were made of the prepared
sands. A portion of the moulding sand was placed in a special matrix, coupled with
a device for a vibratory concentration of samples (LUZ-2e apparatus manufactured
by Multiserw Morek, Brzeźnica, Poland). The hardening process in the open air,
under laboratory conditions (temperature 20–21 ◦C, relative humidity 30–35%) was
carried out. After hardening the moulding sand (within 24 h), the samples were
heated together in the furnace to a temperature in the range of 100–1000 ◦C, with
a heating rate of 10 ◦C/min (the same as in the case of the thermal analysis). After
the sand samples and the furnace had cooled down to the ambient temperature,
the tensile strength (Rtk

m) was determined using the LRu-2 moulding sand strength
tester (Multiserw-Morek, Brzeźnica, Poland). Moulding sand without additives (as a
reference point) (G), sands with the addition of the Slovak perlite ore of various grain
sizes (SP1–SP3), the Hungary perlite ore (HP), and crushed vermiculite (ground) (V)
were also made.

• Microscopic images of moulding sands with additives were made with the use of a
HITACHI TM-3000. A Hitachi TM3000 scanning electron microscope (SEM) (Hitachi
High-Tech Co., LTD, Tokyo, Japan) was used in this study to investigate the surface
morphology of specimens, with a 30 nm resolution, a charge reduction mode of 5 or
15 kV voltage, and 15× to 30,000× magnification capabilities. For high-resolution
imaging, the samples were carbon sprayed using a Quorum Techologies Q150T high
vacuum sputter (Lewes, UK).

3. Results and Discussion
3.1. Sieve Analysis

In the first stage of the research, sieve analysis of materials was carried out. Ta-
bles 1 and 2 show their grain size composition and a comparison of the basic grain size
parameters.

Table 1. Grain size analysis of Slovak perlite ore (SP1–SP3), Hungarian perlite ore (HP), ground
vermiculite (V) and quartz sand (QS—matrix of moulding sands).

Mesh Size Sieve
Material

SP1 SP2 SP3 HP V QS

1.600 0.00 0.00 0.00 0.00 0.00 0.00
0.800 0.00 0.00 0.95 0.00 0.00 0.00
0.630 0.00 0.00 1.58 1.84 0.00 0.48
0.400 0.00 48.16 29.98 30.08 0.06 7.19
0.320 0.00 30.21 40.10 20.62 0.13 18.63
0.200 0.00 11.58 25.94 29.09 3.36 50.21
0.160 6.52 4.38 0.31 7.93 9.83 13.10
0.100 9.29 4.10 0.38 7.36 22.54 9.71
0.071 9.35 0.67 0.20 1.22 13.34 0.56
0.056 22.03 0.33 0.20 0.53 3.66 0.07

Bottom 52.81 0.57 0.36 1.33 47.08 0.05
Sum 100.00 100.00 100.00 100.00 100.00 100.00
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Table 2. Comparison of grain size distribution of tested materials.

Parameter Unit
Material

SP1 SP2 SP3 HP V QS

Average grain size, dL mm 0.08 0.30 0.31 0.24 0.06 0.23
Average grain size, D50 mm 0.10 0.40 0.36 0.33 0.07 0.26

The mesh size sieve where the main
faction has gathered -

0.071/
0.056/

bottom

0.40/
0.32/
0.20

0.40/
0.32/
0.20

0.40/
0.32/
0.20

0.071/
0.056/

bottom

0.32/
0.20/
0.16

Main fraction, Fg % 92.61 89.95 96.02 79.79 82.96 81.94
Distribution factor, S0 - 1.27 1.20 1.19 1.38 1.93 1.27

Inclination indicator, Sk - 1.04 1.04 1.05 0.93 0.98 1.00
Homogeneity degree, GG % 61.00 68.00 74.00 50.00 21.00 68.00

Grain number, L - 150.52 42.90 40.76 52.27 21.86 55.27

3.2. Thermal Analysis

Figures 1–3 show the results of the thermal analysis for the Slovak perlite ore of
various grain size (SP1–SP3), and Figure 4 shows the results of the determination for the
Hungarian perlite ore (HP). In turn, the results of the analysis for ground vermiculite (V)
are shown in Figure 5.
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The endothermic effect with a maximum at a temperature of approx. 100 ◦C indicates
the ongoing dehydration process (weight loss up to 190 ◦C). Slovak perlite ore then loses a
small amount of adsorbed water (SP1—0.19%, SP2—0.14%, SP3—0.14%), while Hungarian
perlite loses only 0.05%. The temperature of maximum weight loss for SP1–SP3 was approx.
85 ◦C and for perlite it was 75 ◦C. As a result of further heating from 190 ◦C to 1000 ◦C,
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about 3% weight loss was noted for the Slovak pearlite ore samples. Slightly greater weight
loss was recorded for the Hungarian pearlite ore sample, amounting to 3.29% (Figure 4).
The dehydroxylation process takes place over a wide temperature range, which proves
the presence of several types of water (free, structural) in the perlite ore structure. The
gradual heating is therefore not conducive to the rapid dehydroxylation reaction of the
perlite ore associated with a significant increase in volume, as part of the “energy charge”
accumulated in the material structure is released in stages. No significant relationship was
found between the grain size of Slovak perlite ore (with a different main fraction) and the
amount of water accumulated in its structure.

On the TG-DTG curves obtained for the ground vermiculite sample (Figure 5), it is
possible to indicate four stages of weight loss. On the DTA curve there are four endothermic
and two exothermic effects. At the temperature of 195 ◦C, there is a first loss of weight
about 3.83% (maximum weight loss rate at 152 ◦C) and it should be related to the reaction
of removing the water adsorbed on the surface of the material (endothermic effect at
149 ◦C). A second weight loss was recorded at a temperature range 195–430 ◦C, which
is related to the reaction of removing the inter-packet water and water associated with
the cation exchange (endothermic effect with maximum at 255 ◦C). The beginning of the
dehydroxylation process, characterized by a slow rate associated with the release of OH
groups bound in the vermiculite structure, occurs at the third and fourth stage of weight
loss at temperatures above 500 ◦C. The third weight loss (1.87%) occurs in the range of
500–800 ◦C with a maximum weight loss rate at 742 ◦C. The fourth, in the range of approx.
850–1000 ◦C with a maximum weight loss rate at 900 ◦C, is associated with a weight loss of
approx. 2.04%. The appearance of exothermic thermal effects around 940 ◦C and 980 ◦C
indicates a change in the initial structure of the vermiculite and the crystallization of a new
phase. Between them, an endothermic heat effect (approx. 959 ◦C) was recorded, which
may indicate dehydroxylation of the residual hydroxyl groups. These changes inspired
the authors to conduct infrared (FTIR) structural research and phase composition analysis
(XRD).

3.3. X-ray Fluorescence Analysis (XRF)

In order to determine the chemical composition of the starting materials and to
properly interpret the results of X-ray diffraction (XRD), tests were performed using X-ray
fluorescence spectroscopy (XRF). Tables 3 and 4 show the elemental and oxide compositions,
respectively.

Table 3. Elemental composition of the tested materials.

Component SP1 SP2 SP3 HP V

O 47.6 47.35 48.63 48.31 39.60
Si 33.18 33.18 33.88 34.58 15.96
Al 6.45 6.14 7.69 6.32 3.47
K 5.89 6.66 3.78 5.13 7.04
Fe 2.72 2.65 1.43 2.05 20.90
Ca 1.73 1.68 0.95 1.35 1.25
Na 1.26 1.36 2.81 1.61 0.11
Ti 0.32 0.21 0.12 0.11 1.89

Mg 0.30 0.16 0.37 0.08 8.61
Others 1.09 0.61 0.34 0.46 1.17
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Table 4. Oxide composition of the tested materials.

Component SP1 SP2 SP3 HP V

Na2O 1.70 1.84 3.79 2.18 0.14
MgO 0.49 0.27 0.61 0.14 14.27

Al2O3 12.20 11.60 14.53 11.94 6.55
SiO2 70.99 70.99 72.47 73.99 34.13
K2O 7.09 8.03 4.55 6.18 8.48
CaO 2.43 2.35 1.33 1.89 1.75

Fe2O3 3.89 3.80 2.04 2.93 29.88
TiO2 0.53 0.50 0.21 0.18 3.16

Others 0.68 0.62 0.47 0.57 1.64

Based on the analysis of the chemical composition, it was found that the size of the
Slovak perlite ore fraction influences the content of some oxides. As indicated in the
work [46], the K2O/Na2O ratio is particularly important from the point of view of the
expansion susceptibility of perlite ore. As shown in Table 4, the K2O/Na2O ratio for the
smallest fraction (SP1) is 4.17, for the average 4.36, and for the coarsest 1.20. On the other
hand, for the Hungarian perlite ore, which, according to the grain composition analysis,
has the main fraction collected on the same sieves as the medium-grained perlite (SP2), the
K2O/Na2O ratio is 2.83. It should be noted that the content of K2O, CaO, Fe2O3, and TiO2
oxides decreases with the increase in the grain size of Slovak pearlite, while the share of
SiO2, Na2O, and MgO increases. Hungarian perlite has the lowest MgO and TiO2 contents.
Turkish perlite [47] has a similar content of SiO2 (approx. 71%) and Al2O3 (13%), but it
contains fewer Fe2O3 inclusions (approx. 1.6%). Compared to Macedonian perlite [48],
which is considered rich in K2O and Na2O oxides (4.21% and 3.56%, respectively), Slovak
and Hungarian perlite in particular has an even higher K2O content, even above 8%, in the
case of the medium fraction (SP2) and above 7%—the smallest fraction (SP1).

Ground vermiculite (V) is characterized by a high content of SiO2 and Fe2O3 (34.12%
and 29.88%, respectively). It also has a high K2O content (approx. 8.5%), which is consis-
tent with the literature [37], but the MgO content is still higher and amounts to 14.27%.
Compared to the Iranian vermiculite from the province of Gilan [49], which has a similar
MgO content, a significant difference should be noted in the content of Al2O3—Iranian
15.70% in relation to 6.55 and Fe2O3—12.90% to 29.88%. In the Iranian vermiculite, the
content of the remaining components is: K2O = 0.97%, CaO = 5.70%, Na2O = 0.16%. The
SiO2 content is at a similar level.

3.4. Structural Analysis (FTIR)

Figures 6–10 show the IR spectra of the tested materials exposed to the temperature in
the range of 100–1000 ◦C (prepared in an oven).

Based on the IR spectra of Slovak perlite samples, rapidly heated in a furnace at a
fixed temperature, it can be concluded that the water removal process runs over a wide
temperature range. Initially, there is a visible weakening of the intensity of the band in
the wavenumber range 3650–3400 cm−1 and the band occurring around 1640 cm−1. The
dehydroxylation process associated with the removal of OH groups takes place up to the
temperature of about 800 ◦C. For the sample of Slovak perlite with the smallest grain
size (SP1), the primary structure of the material decomposed at 1000 ◦C (Figure 11). The
remaining samples, both Slovak and Hungarian perlite ores, retain their structure, but a
change in the half-width of the bands can be indicated as the temperature increases. The
analysis of the spectra of vermiculite (V) shows that at 500 ◦C, water is removed from
its structure, which is manifested in the disappearance of the characteristic bands within
the wavenumbers 3440 cm−1 (stretching vibrations νOH) and 1643 cm−1 (deformation
vibrations δOH). Additionally, at a temperature of 900 ◦C, changes in its structure begin,
initially manifested by the appearance of two bands: at 878 cm−1 and 839 cm−1, along
with an increase in their intensity in the spectra of the sample exposed to the temperature
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of 1000 ◦C and a clear shift of the maximum intensity of the main band from 1002 to
1032 cm−1, characteristic of Si–O asymmetric stretching vibrations [50,51]. According to
literature data [52] at 900 ◦C the illite decomposes and enstatite appears, and when heated
to 1000 ◦C, enstatite decomposes and forsterite appears. Such a course is indicated by the
appearance of an intense band at 878 cm−1, characteristic of forsterite [53].
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3.5. Analysis of the Change in the Phase Composition (XRD) under the Influence of Temperature

Greek perlite (Milos, Tsigrado, and Trachilas fields) was investigated in the publi-
cation [20]. XRD analysis of the starting perlite revealed the presence of glassy phase,
quartz, feldspar K, plagioclase, and mica. Small amounts of ilmenite, zirconium, and spinel
were also identified, but only in the Tsigrado pearlite sample, which were removed in the
expansion process. In turn, the publication [19] showed that Greek perlite consists mainly
of silicate glass (amorphous) and additives in the form of biotite, quartz, and feldspar. In
the case of Macedonian perlite [48], XRD analysis showed the presence of a large amount
of aluminosilicate amorphous and small amounts of crystalline, represented mainly by
feldspar, quartz, and cristobalite. Feldspar is represented as K-plagioclase, Na-feldspar,
and microcline. The less pronounced presence of SiO2 polymorphs represented as α–quartz
and cristobalite was also indicated. Compared to the original perlite, the expanded one
showed a marked increase in the amount of cristobalite present.

The phase composition tests were carried out at the characteristic points obtained in the
thermal analysis and in the FTIR structural tests. Figures 11–14 show the diffraction patterns
for the tested samples of Slovak perlite (SP1–SP3) and Hungarian (HP) ore. Figure 15 shows
the diffractograms for ground vermiculite (V).
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The finest fraction of Slovak perlite (SP1) in the initial state consists mainly of the
amorphous phase—this is indicated by the presence of the so-called amorphous halo
in the range of 2θ = 18–30◦, with visible inclusions of the crystalline phase represented
by cristobalite (C), albite (A), illite (I), biotite (B), and calcium and aluminum silicates
(S)—Figure 11. At the temperature above 300 ◦C, no changes in the phase composition
were found, while above the temperature of 900 ◦C, reflections from the crystalline phases
disappear, and the sample consists only of the amorphous phase, which confirms the
conclusions of the spectroscopic studies (Figure 6) regarding the disintegration of the
structure. The mean fraction (SP2) and the coarsest fraction (SP3) have a phase composition
similar to that of the SP1 sample. In addition to the amorphous halo, reflections related to
the presence of albite (A), cristobalite (C), and illite (I) were identified, but no biotite (B) was
found, which was probably screened entirely to the finest fraction (SP1). At a temperature
above 300 ◦C, the phase composition of the SP2 and SP3 samples also did not change, and
at a temperature above 900 ◦C, two phases were identified in the SP2 perlite: albite (A) and
cristobalite (C), while in the SP3 sample there was a clear increase in the amount of the
amorphous phase and the formation of a new phase—spinel (Sp), most likely as a result of
illite (I) decomposition [54].

The Hungarian perlite (HP) is the most homogeneous in terms of phase composition.
The presence of the amorphous phase (amorphous halo), cristobalite (C), and albite (A)
was recorded. During heating, at a temperature above 300 ◦C, a decrease in the intensity of
the amorphous halo associated with the amorphous phase is visible, and at the same time,
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an increase in the intensity of reflections from cristobalite (C). Above 900 ◦C, the presence
of cristobalite (C) and albite (A) was found.

Three main phases were distinguished in the sample of the starting vermiculite after
grinding: vermiculite, hydrobiotite, and biotite. As a result of heating the sample to the
temperature of 700 ◦C, the phase composition does not change. Only above 800 ◦C do
the reflections from vermiculite disappear, which proves the decomposition of layered
minerals, and on the diffractograms obtained for samples annealed at 800 and 900 ◦C, two
phases were distinguished—biotite and enstatite. Due to the clear changes in the structure
noticed in the MIR (Mid-infrared) spectrum at 1000 ◦C (Figure 10), a phase analysis was
performed for the sample annealed at this temperature. The results of the phase analysis
(Figure 15) are consistent with the conclusions presented on the basis of spectroscopic
studies. The clear shift in the position of the band associated with the Si–O stretching
vibration can be related to the appearance of iron-aluminum spinel, in which aluminum is
present in coordination 6 with the formation of forsterite.

3.6. Investigation of the Final Strength (Rtk
m) of Moulding Sands with Mineral Additives

The knock-out tests determine the susceptibility of the moulding sand to fragmen-
tation under the influence of mechanical impact and removal from the mold (moulding
sand) or casting (core sand) after the casting has cooled down to the knock-out temper-
ature. Assessment of the knock-out properties of the moulding sand was carried out by
determining the final strength, which allows capturing the first and second maximum
strength (the first at a temperature of 200–300 ◦C, the second in the range of 800–900 ◦C).
The research was aimed at showing the effect of the type of material on the obtained final
strength depending on the annealing temperature. The figure shows the results of the
determination for moulding sand without additives (G), sand with the addition of the
Slovak perlite ore (SP1–SP3), the Hungary perlite ore (HP), and the ground vermiculite (V).

Figure 16 shows that the moulding sand with a geopolymeric binder without additives
(G) shows an increase in strength at 200 ◦C (first hardening).
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m) of moulding sands with Geopol® binder, depending on the type of additive.

The second maximum strength occurs at the temperature of 800 ◦C and is 4.95 MPa.
The introduction of perlite ore into the moulding sand, regardless of the fraction size, has
a positive effect on the reduction of the final strength, especially at higher temperature.
The final tensile strength (Rtk

m) with the addition of SP2 and SP3 Slovak perlite ore at the
temperature of 800 ◦C decreases to about 0.4 MPa. Even better results are obtained by the
moulding sand with the addition of the finest fraction (SP1), for which the final tensile
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strength value Rtk
m = 0.29 MPa was obtained. In the case of the use of Hungarian perlite ore

(HP), a visible decrease in final strength was also noted compared to the moulding sand
without additives (G), but the strength at 800 ◦C is twice as high as in the case of moulding
sand with the addition of Slovak pearlite ore of similar grain size (SP2). A better effect
is obtained at a higher temperature, i.e., 900 ◦C, which, according to the authors, should
be associated with a generally higher content of water accumulated in the structure of
Hungarian perlite (3.29% according to thermal analysis) released at a higher temperature.
The desired effect of lowering the final strength obtained by introducing vermiculite into
the moulding sand is achieved at a much lower temperature than in the case of perlite
ore. The moulding sand with vermiculite (1.0 mass parts.), already at the temperature of
500 ◦C, has a final tensile strength less than 0.01 MPa. This additive effect is due to the
lower dehydroxylation temperature.

An important aspect from the technological point of view is the selection of the fraction
of additives depending on the size of the matrix of the moulding sand. Proper adjustment
of the size of the additive allows for better filling of voids between grains (pores). The
greater degree of fragmentation means that they are able to be distributed throughout
the entire volume of the moulding sand, which, when heated, gives the sand gives better
results in terms of the number of microcracks and translates into a lower value of final
strength.

The chemical composition of individual fractions may also influence the swelling
process. The finer fraction of Slovak perlite is characterized by a higher K2O/Na2O ratio.
Perhaps it is an additional factor determining the reduction of the final strength of the
moulding sand with SP1 ore.

Additionally, positive results are obtained with a lower share of vermiculite in the
moulding sand (1.0 mass parts). As shown in previous studies [55], vermiculite added to
the moulding sand in the initial form (nor ground) causes its destruction to an excessive
degree.

3.7. SEM Microscopic Imaging

The microscopic tests were carried out to illustrate the mechanism of action of swelling
additives in moulding sands with an inorganic binder, i.e., to capture microcracks resulting
from increasing the volume of additives located in the inter-grain pores of the quartz matrix.
Figures 17 and 18 show the images made with the use of an electron microscope (SEM) for
selected samples of moulding sands subjected to temperature influence: with the addition
of Slovak perlite (SP1) ore and ground vermiculite (V).
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the moulding sand in the initial form (nor ground) causes its destruction to an excessive 

degree.  

3.7. SEM Microscopic Imaging 

The microscopic tests were carried out to illustrate the mechanism of action of swell-

ing additives in moulding sands with an inorganic binder, i.e., to capture microcracks re-

sulting from increasing the volume of additives located in the inter-grain pores of the 

quartz matrix. Figures 17 and 18 show the images made with the use of an electron micro-

scope (SEM) for selected samples of moulding sands subjected to temperature influence: 

with the addition of Slovak perlite (SP1) ore and ground vermiculite (V). 

  

(a) (b) 

Figure 17. SEM imaging of moulding sand with SP1 perlite ore after annealing at 800 °C: (a) magni-

fication 300×, (b) magnification 400×. 
Figure 17. SEM imaging of moulding sand with SP1 perlite ore after annealing at 800 ◦C: (a) magnifi-
cation 300×, (b) magnification 400×.
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appear, which proves the decomposition of layered minerals, and the diffractograms 

obtained for samples annealed at 800 and 900 °C distinguish two phases—biotite and 

enstatite;  

Figure 18. SEM imaging of moulding sand with vermiculite (V) after annealing at 800 ◦C: (a) magni-
fication 300×; (b) magnification 800×.

The SEM photos presented above show that the additives introduced during the
preparation of the moulding sand (perlite ore, vermiculite) are located between the grains
of the moulding sand matrix. Under the influence of the high temperature of the casting
alloy, the mineral additives swell, and the energy released in this process is transferred to
the adjacent matrix grains, covered with a layer of binder, causing microcracks. The broken
binder continuity reduces the final strength of the moulding sand, and thus contributes
to the elimination of the technological inconvenience of poor knock-out. As a result, the
efficiency of castings production is improved and energy and labor costs are reduced,
without harming the natural environment.

4. Conclusions

Based on the research, the following conclusions were drawn:

• on the basis of the conducted thermal analysis, no significant correlation was found
between the grading of the Slovak perlite ore (SP1–SP3) and the amount of water
accumulated in its structure;

• the chemical composition, in particular the alkali ratio K2O/Na2O, and the size of
the fraction may have a significant impact on the expandability of the pearlite ore. In
the case of the finest fraction at a temperature above 900 ◦C, it is possible to create an
amorphous phase in the entire sample volume;

• in the finest fraction of Slovak perlite (SP1) at the temperature above 300 ◦C, no
changes in the phase composition were found, while above the temperature of 900 ◦C,
reflections from the crystalline phases disappear, and the sample consists only of the
amorphous phase.

• at temperatures above 900 ◦C, two phases were identified in the SP2 perlite: albite and
cristobalite, while in the SP3 sample, the formation of a new phase—spinel was found,
most likely as a result of illite decomposition.

• Hungarian perlite is characterized by greater stability in terms of phase composi-
tion during heating in the tested temperature range. Above 900 ◦C, the presence of
cristobalite and albite was found;

• vermiculite has a much higher water content than perlite ore—regardless of grain
size and origin. The formation of the spatial structure characteristic of vermiculite,
where the layers separate and there is a significant increase in volume, is observed at
a temperature of approx. 500 ◦C;

• it was shown that the structure of ground vermiculite does not change until a tempera-
ture of about 700 ◦C. Only above 800 ◦C do the reflections from vermiculite disappear,
which proves the decomposition of layered minerals, and the diffractograms obtained
for samples annealed at 800 and 900 ◦C distinguish two phases—biotite and enstatite;
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• in the IR spectrum obtained for a sample of vermiculite annealed at the temperature
of 1000 ◦C, a clear shift in the band position related to the Si–O stretching vibration
was shown, which was interpreted as the appearance of an iron-aluminum spinel in
which aluminum is in 6 coordination with the formation of forsterite;

• the processes of expanding perlite ore and exfoliating vermiculite have a positive
effect on reducing the final strength of moulding and core sand with inorganic binders
used in the foundry, eliminating technological inconveniences—poor susceptibility to
knocking out. However, in the considered variants, the best effects of lowering the
final strength of moulding sands with an inorganic geopolymer binder were obtained
in the case of introducing the SP1 Slovak perlite ore in the finest fraction, which
correlates well with the conclusion presented above.
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Abstract: The as-cast microstructure, alloying element segregation, solidification behavior, and
thermal stability of model superalloys based on Inconel 740 with various Al/Ti ratios (0.7, 1.5, 3.4)
and Ta (2.0, 3.0, 4.0 wt%) concentrations were investigated via ThermoCalc simulations, scanning and
transmission electron microscopy, energy-dispersive X-ray spectroscopy, dilatometry, and differential
scanning calorimetry. The solidification of the superalloys began with the formation of primary
γ dendrites, followed by MC carbides. The type of subsequently formed phases depended on
the superalloys’ initial Al/Ti ratio and Ta concentration. The results obtained from solidification
simulations were compared to the obtained microstructures. For all castings, the dendritic regions
consisted of fine γ′ precipitates, with their size mainly depending on the initial Al/Ti ratio, whereas in
the interdendritic spaces, (Nb, Ta, Ti)C carbides and Nb-rich Laves phase precipitates were present. In
high Al/Ti ratio superalloys, β-NiAl precipitates, strengthened by η and α-Cr phases, were observed.
Based on dilatometric results, the dissolution of γ′ precipitates was accompanied by a substantial
increase in the coefficient of thermal expansion. The end of the dilatation effect took place around the
γ′ solvus temperature, as determined via calorimetry. Moreover, the bulk solidus temperature was
preceded by the dissolution of the Laves phase, which may be accompanied by local melting.

Keywords: Inconel 740; phase transformation; investment casting; superalloy; solidification

1. Introduction

Ni-based superalloys are a class of materials extensively used for hot components
in industrial power plants and aerospace engines, due to their excellent creep strength,
oxidation, and hot-corrosion resistance at elevated service temperatures [1]. Advanced
ultra-supercritical (A-USC) power plant designs are expected to have efficiencies of coal-
fired power plants above 35 pct. With component service temperatures approaching 760 ◦C,
Ni-based superalloys must replace ferritic-martensitic, high-strength steels, and austenitic
stainless steels to fulfill the long-term, high-temperature strength requirements in these
pressurized cycles [2,3]. The IN740 Ni-based superalloy has been studied within the scope
of European projects leading to COM-TES700 test loop exposures at the Esbjerg (Swe-
den) and Scholven (Germany) power plants [4]. IN740 was developed on the basis of the
Nimonic 263 superalloy chemical composition [5]. Compared to Nimonic 263, Cr and
Mo concentrations in IN740 were optimized to achieve improved sulfidation resistance,
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whereas Nb was added to increase high-temperature strength [6]. The US A-USC Consor-
tium applies higher service temperatures (760 ◦C) that require steam transfer pipes and
boiler tubing to be produced from precipitation-strengthened alloys with a higher volume
fraction of intermetallic phase precipitates. Up to 725 ◦C, IN740 exhibits good microstruc-
tural stability during long-term annealing. At 760 ◦C, however, three main limitations
appear, i.e., the high coarsening rate of the γ′ phase, plate-like η-phase formation, and
high Si-containing brittle G-phase formation, which lead to a decrease in strength and
ductility [7–9]. Modifying the IN740 Ni-based superalloy’s chemical composition has been
the subject of several research studies. Shin et al. [10] investigated the influence of Mo (0.5,
3.0, 6.0 wt.%) on the γ′ precipitates’ coarsening kinetics in IN740. The authors found that
the coarsening rate of the γ′ precipitates decreased with increasing Mo, and the activation
energies for coarsening were 245 kJ/mol, 261 kJ/mol, and 278 kJ/mol for 0.5, 3.0, and
6.0 wt.% Mo, respectively. Abbasi et al. [11] investigated the influence of Al and Ti concen-
trations on IN740’s microstructure stability and oxidation resistance. It was shown that an
increase in Al concentration (up to 2.4 wt.%), with low Ti contents, leads to grain refine-
ment, improves oxidation resistance, and reduces the number of voids in the vicinity of the
superalloy/oxide layer boundary. The opposite effect, however, was found for increased
Ti concentrations. The result was an increased mass gain after oxidation and numerous
voids at the superalloy/oxide layer boundary, due to TiO2 precipitates not constituting a
strong enough barrier for Cr and O ions. The most popular and commercially used IN740
superalloy modification is the IN740H superalloy, which satisfies the service requirements
for A-USC applications [12]. Presently, IN740H is widely used in A-USC power plants
in wrought form as boiler components. However, large complex components in boilers
and other casings in gas turbines and valve chests additionally require thick-wall castings.
Using the material in its cast variant would be highly beneficial in terms of size, geometry,
and complexity range [13,14]. Detrois et al. [15,16] have indicated possible ductility losses
during creep in castings, with a chemical composition in line with IN740′s composition.
They suggested that excessive carbides at the grain boundaries are responsible for the effect.
Despite the presence of Cr-rich M23C6 carbides, which impede grain-boundary sliding by
restricting deformation at the boundaries, the local chemistry can change and subsequently
lead to the formation of cracking initiation sites. In this work, IN740 superalloy chemical
composition modifications consisted of adding Al (increase in Al/Ti ratio) as the main
γ′-former and introducing Ta, which is widely known as a strong MC-carbide-former
and limits the formation of M23C6 carbides [17,18]. The reported order of most to least
stable MC carbide is TaC > NbC > TiC > VC, where Nb is approximately equivalent to
tantalum in stabilizing MC carbides [19]. As the production of superalloys in the form of
large castings is desirable, the process was carried out in an argon gas atmosphere, rather
than in vacuum. The casting of Ni-based superalloys presents unique challenges, as the
microstructure segregates during casting. The casting process of Ni-based superalloys,
with a high refractory element content, is usually followed by solution heat treatment,
which can also be challenging [20]. As the diffusivity of the alloying elements is low and
the diffusion path from dendrite cores to interdendritic spaces is long, it is difficult to ho-
mogenize the chemical composition via heat treatment. Furthermore, due to the remaining
eutectic phases in the interdendritic spaces, the local solidus temperature is lower than
the bulk solidus temperature [21]. If the solutioning temperature is not carefully selected,
incipient melting will take place. In this sense, the solutioning of Ni-based superalloys by
means of conventional processing requires a long time. Well-designed heating scenarios
will be needed to mitigate the risk of incipient melting and achieve as much chemical
homogenization as possible [22,23]. Analyzing the material’s solidification behavior, phase
composition, and stability is necessary to prepare the best procedure to dissolve those as
much as possible during the solution heat treatment, without risk of incipient melting of the
superalloy. The results from this work could provide significant insight into composition
optimization and solutioning heat treatment control of novel Ni-based superalloys.
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2. Materials and Methods
2.1. Materials

For the purposes of this work, nine Ni-based superalloys, with increased Al concen-
tration and Ta addition compared to the standard IN740, were cast. The castings were
manufactured via lost-wax casting. First, wax models, combined with a gating system,
were prepared (Figure 1).
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Figure 1. The geometry of the shell mold used for the castings preparation.

The chemical composition modification procedures for the nine cast Ni-based superal-
loys are presented in Table 1. A 3 kg IN740 ingot was inductively melted in a corundum
crucible for 35 min in an argon atmosphere. Next, the alloying additions of Al (rods
with diameter 6 mm and length 100 mm, 99.99% purity) and Ta (disks ∅10 × 0.2 mm,
99.9% purity) were added. The melted superalloy was then deoxygenated twice using a
Ni-Mg compound (before melt-pouring). The pouring temperature was in the range of
1500–1550 ◦C, and was controlled by S-type thermocouples (PtRh10-Pt), with a ∅ 0.8 mm
wire used for temperature measurements. For more detailed instructions on casting pro-
cedures and shell mold fabrication, please consult our previous paper [24]. The chemical
compositions of all investigated materials, given in Table 2, were analyzed using a spark
optical emission spectrometer.

Table 1. IN740 modification procedures, wt%.

Ta Concentration
Al/Ti Concentration Ratio

Low: 0.7
(±0.10)

Medium: 1.5
(±0.15)

High: 3.4
(±0.20)

Low: 2.0 (±0.10) A1 A4 A7
Medium: 3.0 (±0.15) A2 A5 A8

High: 4.0 (±0.20) A3 A6 A9
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Table 2. A1–A9 superalloy chemical composition, wt%.

Alloy Cr Co Al Ti Nb Fe Mo Mn Si C Ta Ni

A1 22.34 19.96 1.30 1.72 1.80 0.62 0.43 0.30 0.59 0.03 2.00

Balance

A2 22.46 19.91 1.28 1.78 1.92 0.61 0.43 0.30 0.60 0.02 3.00
A3 22.41 19.91 1.31 1.68 1.88 0.62 0.44 0.30 0.61 0.02 4.00
A4 22.84 19.71 2.80 1.82 1.92 0.63 0.42 0.29 0.59 0.03 2.00
A5 22.74 19.69 2.82 1.76 1.80 0.64 0.43 0.30 0.60 0.03 3.00
A6 22.28 19.85 2.75 1.83 1.94 0.56 0.43 0.22 0.56 0.02 4.00
A7 21.76 18.85 6.06 1.81 1.88 0.63 0.42 0.29 0.60 0.03 2.00
A8 21.20 19.05 6.34 1.76 1.82 0.61 0.40 0.28 0.56 0.03 3.00
A9 21.43 18.65 6.12 1.84 1.86 0.62 0.42 0.29 0.60 0.03 4.00

2.2. Methods

The Thermo-Calc software (version 2021a, Stockholm, Sweden), with the TCNI10
database, was used to analyze the solidification process using the Scheil model. The Scheil
model considers the segregation of solute elements during solidification and assumes the
absence of back-diffusion during calculations. Complete solidification is assumed with
less than 1% liquid present in the calculation, and generally, the solidification range is
quite broad [25]. In this work, the model was used to predict the type of primary phases
in the as-cast superalloys. The superalloys were prepared into 10 × 10 × 5 mm samples
and their surface was mechanically polished. The samples were then subjected to X-ray
diffraction (XRD) to identify the formed phases. Measurements were made in Bragg–
Brentano geometry using a Philips X’Pert Pro MRD diffractometer, (Philips, Amsterdam,
The Netherlands) equipped with Cu radiation (λ = 1.54 Å). Measurements were made at
room temperature in the range of 2θ = 30–100◦, with a step size of 0.01671◦.

For scanning electron microscopy (SEM) characterization, specimens (10 × 10 × 5 mm)
were cut from the middle of each casting and mounted in resin, ground, polished, and
electrochemically etched in 10% oxalic acid. Back-scattered electron (BSE) imaging and
energy-dispersive X-ray spectroscopy (EDX) were performed using 20 kV accelerating
voltage, set on a Phenom XL (Phenom-World, Eindhoven, The Netherlands) microscope,
equipped with an EDX detector. Semi-quantitative chemical analyses were carried out us-
ing the ZAF correction. Observations of γ′ precipitates in dendritic regions were performed
using a high-resolution Merlin Gemini II microscope (ZEISS, Oberkochen, Germany),
equipped with a Schottky field-emission gun (Bruker, Billerica, MA, USA). The images
were obtained using secondary electrons (SE).

Quantitative analysis of the γ′ precipitates and carbides (manually contoured on
images) was carried out using ImageJ (National Institutes and the Laboratory for Optical
and Computational Instrumentation, University of Wisconsin, Madison, WI, USA). The
measurements were conducted in five places on each casting, which included more than
200 γ′ precipitates (SEM-SE, magnification ×100,000) and at least 50 carbide precipitates
(SEM-BSE, magnification ×10,000). Next, the precipitates’ area (A) and perimeter (P)
were determined. The size of γ′ precipitates in the dendritic regions and carbides in the
interdendritic spaces were represented as the equivalent diameter (Equation (1)), while
the circularity of γ′ precipitates was calculated to evaluate their morphological differences
(Equation (2)).

φ =

√
4A
π

(1)

ζ =
4πA
P2 (2)

Samples A3, A6, and A9 were investigated in more detail via TEM using bright
field (BF), selected area electron diffraction (SAED), and high-angle annular dark-field
scanning transmission electron microscopy (HAADF-STEM) methods. Samples were first
mechanically ground down to a thickness of about 0.05 mm, after which 3 mm discs
were punched and dimpled using a Gatan dimple grinder (Gatan, Inc., Pleasanton, CA,
USA) on both sides. The final step was thinning using an Ar+ ion beam (PIPS of Gatan)
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at low angles. Before loading into the microscope, the thin foils were plasma-cleaned
(NanoMill 1040 Fischione) to remove surface contaminations. Observations of samples
A3 and A6 were performed using a Tecnai G2 20 TWIN (FEI) microscope. Analysis of
the A9 superalloy was carried out with the Cs-corrected probe FEI Titan3 G2 60–300 TEM
with the ChemiSTEM system (Thermo Fisher Scientific, Eindhoven, The Netherlands).
The accelerating voltage was 300 kV. The STEM-EDX data were acquired at 300 kV and
were then subjected to analysis using the Esprit software (Bruker, v1.9) (Bruker, Billerica,
MA, USA), in which the standardless Cliff–Lorimer quantification method was applied.
The JEMS software (JEMS-SWISS, Jongny, Switzerland) was applied to fit the diffraction
peaks. To analyze the phase transformations in the elevated temperatures, dilatometry and
differential scanning calorimetry were carried out. The dilatometry measurements were
carried out with a NETZSCH DIL 402C/4/G (Netzsch, Selb, Germany) device on samples
φ6 × 25 mm up to melting point (under argon shielding) with a heating rate of 0.08 ◦C/s.
Differential scanning calorimetry was performed using a Pegasus DSC 404C/3/G (Netzsch,
Selb, Germany) device on samples weighing about 40 mg in the range 25–1480 ◦C with a
heating rate of 10 ◦C/min.

3. Results
3.1. Solidification Simulation via Thermo-Calc

Figure 2 presents the solidification process predictions of the A1–A9 superalloys,
based on Scheil’s model. The solidification process of low Al/Ti ratio superalloys, with
Ta additions in the range of 2.0 to 4.0 wt%, is predicted to begin with γ phase crystal
formation at 1369 ◦C (A1), 1364 ◦C (A2), and 1355 ◦C (A3), followed by MC carbide
precipitation at 1289 ◦C (A1), 1266 ◦C (A2), and 1260 ◦C (A3). Upon further temperature
decrease, and at the stage where the mass fraction of the solid exceeds 0.9, the Laves phase
is expected. Finally, the Scheil model predicts the formation of the G phase in the final
stage of solidification. In the case of superalloys A4, A5, and A6 (medium Al/Ti ratio),
solidification with γ phase formation is estimated to begin at 1355 ◦C, 1349 ◦C, and 1341 ◦C,
respectively, whereas MC carbides are expected to precipitate at 1294 ◦C, 1288 ◦C, and
1267 ◦C. Additionally, superalloys A3 and A4 share the same liquidus temperature. The
data show that for constant Ta content, an increase in Al/Ti ratio leads to an increase in
the MC carbide precipitation temperature. At 1106 ◦C, the precipitation of the η phase is
predicted in superalloy A6. The lack of η phase in the A4 and A5 superalloys indicates that
sufficiently high Ta concentration at the medium Al/Ti ratio is required for its formation.
All superalloys are projected to contain Laves phase precipitations. Similarly to superalloys
with a low Al/Ti ratio, the model predicts G phase formation in the final solidification stage
for medium Al/Ti ratios. The results of the Scheil solidification simulation of superalloys
A7, A8, and A9 indicate that their liquidus temperature is the lowest of all tested superalloys,
i.e., 1328 ◦C, 1320 ◦C, and 1313 ◦C, respectively. As in the case of superalloys with low and
medium Al/Ti ratios, an increase in Ta concentration is accompanied by a decrease in the
liquidus temperature. The MC carbides are speculated to precipitate at higher temperatures,
when the mass fraction of the liquid phase is higher than that of the solid phase. At 1263 ◦C,
the β-NiAl phase is expected to form, regardless of the Ta concentration. With further
cooling, the Laves phase should precipitate at 1139 ◦C (A7), 1141 ◦C (A8), and 1145 ◦C (A9).
The η phase is estimated to precipitate at 1093 ◦C in superalloy A7, whereas for samples
A8 and A9, these temperatures are expected to be slightly higher, at 1100 ◦C and 1101 ◦C,
respectively. The last phase predicted to form from the liquid is the σ phase. Unlike in
castings A1–A6, no G phase is expected.
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Figure 2. Scheil solidification simulation of the (A1–A9) superalloys.

3.2. Analysis of the Microstructure of the A1–A9 Superalloys in As-Cast Condition

The XRD patterns of the as-cast superalloys are presented in Figure 3. Peaks of
four phases were identified, namely the γ matrix, γ′ intermetallic phase, β-NiAl, and
MC carbides.

The microstructures of the as-cast A1–A9 superalloys are shown in Figure 4. The
dendritic regions are characterized by a relatively homogenous microstructure, whereas
precipitates with bright phase contrast can be found in the interdendritic regions. The
highest percentage of precipitates in the interdendritic spaces is observed in the A7–A9
superalloys. Local fine precipitates with a black contrast are visible in all castings.

The dendritic regions, regardless of the casting variant, are predominantly composed
of very fine precipitates with a spherical or near-cubic morphology (Figure 5). The finest
precipitates were observed in variants A1–A3 (low Al/Ti ratio), while the largest were
observed in samples with the highest Al/Ti ratio. These precipitates were subjected to
stereological parameter analyses, and the results are summarized in Table 3.
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Figure 5. Precipitates in the dendritic regions of the (A1–A9) castings, SEM-SE.

Table 3. γ′ precipitates size in the dendritic regions.

Parameter/Casting A1 A2 A3 A4 A5 A6 A7 A8 A9

Mean size of the
γ′ precipitates, nm

26
(±3)

31
(±4)

46
(±6)

99
(±10)

76
(±9)

41
(±4)

110
(±16)

112
(±25)

134
(±18)

Circularity, ξ 0.96
(±0.04)

0.93
(±0.03)

0.93
(±0.02)

0.90
(±0.02)

0.91
(±0.04)

0.94
(±0.02)

0.89
(±0.02)

0.88
(±0.03)

0.87
(±0.03)

In superalloys with low and high Al/Ti ratios, the mean size of the γ′ precipitates
increases with Ta concentration. The mean diameter increases from 26 nm to 46 nm in the
first group, while in the second group, it increases from 110 nm to 134 nm. In superalloys
with a medium Al/Ti ratio, a decrease in the mean size of the γ′ precipitates from 99 nm to
41 nm with increasing Ta is observed.

The precipitates in the dendrites were analyzed by TEM and SAED (Figure 6). It was
confirmed that the γ matrix is strengthened by coherent γ′ precipitates. Since the lattice
parameters of the disordered matrix and ordered γ′ precipitates are very similar, the electron
diffraction patterns exhibit some common maxima, e.g., {200} reflections. Additionally,
{100} superlattice reflections, originating only from γ′ precipitates, are also present. The
crystallographic relationship is as follows: {100} γ//{100} γ′; <010> γ//<010> γ′, which is
referred to as the cube-cube orientation relationship.

In the interdendritic spaces, the microstructure of the castings is more complex. Nu-
merous precipitates of various distributions, geometries, sizes, and phase contrasts are
observed (Figure 7).
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Figure 6. Morphology of the γ′ precipitates in the dendritic region and corresponding SAED patterns:
(a,b) A3; (c,d) A6, TEM-BF.

MC carbides (bright precipitates: high Z-number) are considered to be the second
most important precipitates, after γ′ precipitates, in strengthening polycrystalline Ni-based
superalloys. Semi-quantitative SEM-EDX analyses were carried out and it was observed
that the carbides are composed mainly of three elements: Nb, Ti, and Ta (Figure 8). Based on
Ta/Nb atomic concentration relationship calculations, it can be observed that the increase
in Ta concentration independently of the Al/Ti ratio leads to the partial replacement of Nb
in the MC carbides composition (Figure 8a). It looks visible with increasing Ta contents in
the superalloy. A similar effect is observed for the Ta/Ti relationship (Figure 8b), where an
increase in Ta contents led to an increase in the Ta/Ti ratio in MC carbides. Based on these
results, the main carbide-alloying element was found to be Nb. Whether Ta or Ti is second
in order depends on the initial Ta concentration in the superalloy. In superalloys A1–A6, Ti
is the second most concentrated element in the MC carbides, while in superalloys A7–A9,
Ta takes over.
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Based on SEM-EDX results, it was shown that the addition of Ta strongly influences
the relationship between the main elements that form MC carbides. The carbides were
subjected to image analysis to check whether the chemical composition of the superalloy
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(Ta addition) influences the carbides’ size. The results are shown in Table 4. The mean size
of the carbides is between 2.6 and 4.5 µm. The results indicate that there are no significant
differences or relationships between the chemical composition of the carbide and its size.
The carbides in all castings have a regular blocky-shaped morphology. Their non-complex
shape indicates that they were formed during solidification, when a relatively high fraction
of the liquid phase is present [26]. This is in line with thermodynamic simulation results, as
the MC carbides are the second phase to appear directly after the γ matrix in all castings.

Table 4. Mean size of the MC carbides in A1–A9 superalloy castings.

Superalloy Mean Size, µm Standard Deviation, µm

A1 3.1 1.2
A2 3.8 1.2
A3 3.1 1.6
A4 3.5 1.5
A5 3.0 0.7
A6 2.7 0.7
A7 4.5 1.3
A8 2.6 0.9
A9 3.1 0.9

In the interdendritic spaces of all castings, there are precipitates with grey phase
contrast and regular morphologies. Their amount in the microstructure is much higher
than that of MC carbides. Based on SEM-EDX analysis of these precipitates, it was shown
that they are rich in Ni and Nb. This unique chemical composition suggests that the
Laves phase is formed with a chemical formula based on the A2B intermetallic compound.
Position A is usually occupied by Ni, Cr, and Co, while B is occupied by Nb, Ti, and Ta. The
atomic concentration relationship (Ni, Co, Cr)/(Nb, Ta, Ti) was calculated and is presented
in Figure 9. This relation is within the 2.28–2.83 range. A more clear relationship is observed
between the precipitates’ Ta/Nb ratio and the superalloys’ initial Ta concentration, where
the increase of the latter is accompanied by an increase in the former. For Inconel 718,
Baeslack et al. [27] observed that if Ta replaces Nb, Ta-rich MC carbides and Ta-rich Laves
phase form. Based on microstructure observations, it was shown that the Laves phase
quantities do not significantly differ between the standard superalloy and the Ta-modified
one. Simulated weld HAZ experiments carried out in the Gleeble 1500 system indicated,
however, a higher Laves phase liquation temperature for the Ta-modified sample (1225 ◦C)
compared to the standard Inconel 718 alloy (1175 ◦C).
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The SAED pattern, shown in Figure 10, indicates that the crystal structure of Nb-rich
precipitates is hexagonal (P63/mmc), with nominal lattice parameters of a = 4.824 Å and
c = 15.826 Å, consistent with the crystal structure of the Laves phase (Strukturbericht
notation C36) [28]. The detected Laves phase seems to be the product of a non-equilibrium
eutectic reaction L→γ + Laves occurring at the end of superalloy solidification, as predicted
by Scheil solidification simulations. The solidification of superalloys begins with the
formation of Nb-lean gamma dendrites which leads to enrichment of the liquid phase
in Nb. Cieślak [29] stated that the solidification of Alloy 718 (and other Nb-bearing
superalloys) is dominated by the segregation behavior of Nb and the precipitation of
Nb-rich eutectic constituents in the form of γ/Laves and γ/MC (NbC). Radhakrishna [30]
indicated that Laves phase formation requires a local niobium concentration of 10–30 wt%.
The Laves phase is detrimental to the material’s mechanical properties, affecting structural
integrity, and can lead to premature failure of critical components during service [30].
Their amount should be significantly decreased during solution heat treatment to avoid
weak-zone microstructures between the Laves phase and the matrix interface. Additionally,
plate-like precipitates are visible at the edges of the Laves phases. It has been confirmed
by FIB-SEM reconstruction tomography of the as-cast 718Plus superalloy that the Laves
phase/γ interfaces are favorable for η phase formation [31].
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Subsequently, the precipitates with plate-like morphologies, visible in variants A1–A3
and A6, were investigated using TEM. The TEM-BF images and the corresponding SAED
patterns of superalloys A3 and A6 are presented in Figure 11.
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It has been stated that those precipitates are the η (Ni3Ti) phase with an ordered
DO24 hexagonal closed packed structure and nominal lattice parameter a = 5.096 Å and
c = 8.3040 Å [32]. The SAED patterns confirmed that the η phase precipitates are incoherent
with the γ matrix. The results suggest that large amounts of Ti and Ta favor the appearance
of the η phase. It is especially visible in superalloys with a low Al/Ti ratio, as the addition
of Ta causes the amount of η phase to increase compared to remelted IN740 [24]. The lack
of η precipitates in superalloys A4 and A5 indicates that the increased Al concentration
upon the addition of Ta at 2.0–3.0 wt% could prevent η phase formation. The results are
in line with the conclusions formed by Bouse [33], who stated that the appearance of the
η phase is favored by large amounts of Ti and Ta in Ni-based alloys. Seo et al. [34], based
on microstructure observations of directionally solidified IN792 + Hf, indicated that the η

phase was the final solidification product formed from the residual liquid after the γ-γ′

eutectic reaction. The authors stated that the concentration relationship (Ti + Ta + Hf)/Al
in the residual liquid has a significant role in the nucleation of the η phase. During the so-
lidification of eutectic γ-γ′ phase, the continual increase in the (Ti + Ta + Hf)/Al ratio in the
residual liquid eventually led to the completion of the γ/γ′ eutectic reaction. Consequently,
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it caused η phase nucleation. According to theoretical calculations, the η phase has signifi-
cant solubility for other alloying elements such as Co, Al, Cr, and W [35]. Kruk et al. [36]
revealed by STEM-EDX analysis of the precipitates in the 718Plus alloy that Nb can also be
present in η phase plates. Tan et al. [37] suggested that when the Ti/Al ratio in the liquid
phase is higher than around 2.0, the η phase is favorable to form; however, when the ratio
decreases below the key point, the eutectic γ + γ′ starts to precipitate. In the 151 superalloy,
the η precipitates were strongly enriched in Nb [37]. The authors found that Nb has an
atom size and similar chemical properties as Ti, enabling Nb to partially substitute Ti in the
crystal structure, so a ratio of (Nb, Ti)/Al equal to 2.35 was used. Considering the alloying
elements’ segregation behavior and the phase transformation mechanisms, it can be stated
that the additional segregation of Ti and Nb in the residual liquid phase is beneficial for η
phase precipitate formation. Furthermore, the above-presented information and chemical
similarities between Ta and Nb may explain the presence of the γ-γ′ eutectic and the lack of
the η phase in the A4 and A5 alloys, i.e., in the alloys with a lower Ta concentration than the
A6 alloy, in which the η phase is already present and the eutectic γ-γ′ is missing. Finally,
near the η and Laves phase precipitates, the additional fine precipitates of the G phase are
observed (Figure 12). They are complex silicides with a face-centered crystal structure and
nominal lattice parameter of a = 11.2 Å [38]. The usual chemical composition is presented
as (Nb, Ti)6(Ni, Co)16Si7.
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It was believed that the G phase was only released in austenitic steels after irradiation
for a long time. Powell et al. [39] showed that the G phase could precipitate in Fe-Ni alloys,
with an increased concentration of Ti or Nb, after ageing in the range of 500–850 ◦C. The au-
thors suggest that this phase was misidentified as the M6C carbide in earlier investigations
due to its similar chemical composition and structure. It was found that in Fe-Ni alloys,
the G phase first precipitates on NbC carbides at the grain boundaries and, after long-term
ageing, inside the grains [39]. Xie et al. [40] stated that the weight fraction of the G phase in
the IN740 after standard heat treatment is equal to 0.054%, whereas after 2000 h and ageing
at 760 ◦C, it is almost 10 times higher (0.471%). The solidification simulation predicted the
existence of the G phase in superalloys A1–A6 directly in the as-cast state, which is in line
with TEM observations. In the remelted IN740, precipitates with high Si concentrations,
suggesting the presence of the G phase, have also been observed [24]. Ecob et al. [41]
stated that the oxygen concentration influences the stability of NbC carbides compared
to the G phase. The authors state that oxygen and silicon strongly segregate. Near the
carbides, there is increased oxygen concentration, resulting in an uneven distribution of
oxygen in the material. The simultaneous Si enrichment in some regions creates potential
G phase precipitation sites. This information is important in the context of superalloy
production with elevated Nb and Si concentrations, cast not under vacuum conditions,
which will naturally result in higher oxygen concentrations. Additionally, precipitates
with dark phase contrast were found. The SAED patterns showed that the blocky-shaped
precipitates, present in all castings, were TiN with a regular crystal structure and a nominal
lattice parameter of a = 4.244 Å [42] (Figure 13). The primary carbides are found to nucleate
on preexisting TiN precipitates, as presented in Figure 7.
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Figure 13. (a) morphology of the TiN; (b) corresponding SAED pattern, TEM-BF.

Sobczak et al. [43], during a systematic study on the HAYNES®282 superalloy’s casta-
bility, carried out casting trials under non-vacuum conditions, similar to our investiga-
tion. The superalloy, which melted without deoxidizing, contained 0.38 wt% of oxygen
and 0.02 wt% of nitrogen. To decrease the oxygen content, the molten superalloy was
deoxidized using a NiMg alloy. It led to a three-fold decrease in oxygen (0.12 wt%).
Cockcroft et al. [44] stated that the solubility of nitrogen in IN718 at 1427 ◦C, as determined
from the solubility product of TiN, is approximately 38 ppm, which suggests that in the
wrought commercial material at 60 ppm N, about 1/3 of the total N content will be present
as solid TiN particles in the liquid. None of these phases were intended, with the precipita-
tion induced by gaseous impurities (O and N), which cannot be completely removed when
casting under non-vacuum conditions. Considering the thermodynamic stability of TiN, it
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should be underlined that it cannot be dissolved during solution heat treatment and it is
insoluble up to its melting temperature.

In superalloys A7–A9, the interdendritic regions’ microstructure is more complex than
in the case of variants A1–A6. Sample A9 was chosen as a representative variant for more
detailed analysis using STEM. The STEM-EDX maps of selected alloying elements were
carried out in the interdendritic region (Figure 14).
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Figure 14. The distribution of the alloying elements in the interdendritic spaces of superalloy A9,
STEM-HAADF.

The STEM-HAADF image shows the two-phase γ + γ′ region on the right side. The
areas corresponding to the fine γ′ phase precipitates are enriched in Ni, Al, Ti, and Ta, and
the matrix is enriched in Co and Cr. It was confirmed by SAED that the γ matrix in this
area is strengthened only by the coherent γ′ precipitates (Figure 15). In the central area,
there is an island-like precipitate strongly enriched in Al. Inside, there are numerous fine
precipitates with a plate-like morphology and characterized by increased Ni, Ti, Nb, and Ta
concentration, as well as fine precipitates with a regular morphology, consisting of Cr. On
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the periphery of this island-like precipitate, there is a large Laves phase precipitate with an
increased concentration of Co, Nb, Ti, and Ta.
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Figure 15. (a) Morphology of the γ′ precipitates in dendritic region; (b) corresponding SAED pattern.
STEM-HAADF.

Based on the SAED of the island-like precipitate presented in Figure 16, the precipitate
was identified as the β-NiAl phase, with a nominal lattice parameter of a = 2.88 Å [45].
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Figure 16. (a) Morphology of the β-NiAl phase island (dark part) in the interdendritic space of the
superalloy A9; (b) corresponding SAED pattern, STEM-HAADF.

It should be noted that despite the high Al concentration in superalloys A7–A9, the
γ-γ′ eutectic did not form. Based on the Scheil calculation, the β-NiAl phase should precip-
itate from the liquid at relatively high temperatures. The same conclusion was formed by
Song et al. [46], who observed that β-NiAl forms earlier than the γ-γ′ eutectic, which can
clarify why the eutectic islands are not present in superalloys A7–A9, despite the high Al
contents. Based on solidification analysis of the Ru-containing SX superalloy, Cao et al. [47]
stated that the concentration of Al, Ta, and Ru in the liquid phase significantly increased
during the growth of γ dendrites. EDX analysis confirmed that the main forming alloying
elements of the β-NiAl phase were Ni, Al, Ta, and Ru. Therefore, the accumulation of Al,
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Ta, and Ru in the remaining liquid was favorable for β-NiAl formation. Tan et al. [48],
based on microstructural analysis of Ru-containing SX superalloy samples obtained after
DSC investigations, indicated that the cooling rate plays an important role in the β-NiAl
precipitates formation. No β-NiAl precipitates were found in the microstructure created
using a cooling rate of 5 ◦C/min. Higher cooling rates (15 ◦C/min and 30 ◦C/min) led to
quick superalloy solidification, followed by less diffusion in the unsolidified interdendritic
liquid phase, which resulted in the more apparent segregation of Al and Ta to interdendritic
regions. The solidification induces element segregation, which results in element consump-
tion or aggregation in the residual liquid phase. The solidification path is controlled by
the change in composition. The authors also concluded that with increasing concentra-
tion of refractory alloying elements, i.e., high supersaturation, some undesirable phases
would occur in Ni-based superalloys. They suggest that Ru could strongly influence the
segregation behavior of Ta. It is therefore speculated that β-NiAl/Ta-rich Laves eutectics
may precipitate in high-Ta-containing superalloys that are highly supersaturated during
solidification [48].

The morphology of Ti, Ta, and Nb-rich lamellar precipitates formed inside β-NiAl
is shown in Figure 17. The SAED pattern confirms the presence of the η phase with a
hexagonal (DO24) crystal structure.
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η phase precipitates were confirmed in seven out of the nine produced superalloys.
The difference, however, is that in the A7–A9 superalloys, the η phase precipitates do
not occur near the dual-phase γ/γ′ region or Laves phase precipitates, but are within
β-NiAl. However, thermodynamic simulations predicted the formation of this phase in
superalloys with a high Al/Ti concentration ratio, when the residual liquid phase is below
10%. Similar precipitates with lamellar morphologies were found inside the β-NiAl islands
in Co-based superalloys [49] and Ni-based superalloys [50]. Yuan et al. [51] even observed
them in the IC10 Ni3Al-based superalloy jointed by transient liquid phase (TLP) bonding.
With the absence of Ti in both the superalloy and filler material, the monoclinic Ni3Ta
phase was found to have precipitated via HRTEM. Pathare et al. [52], in the β-NiAl + 2 at%.
Ta alloy, identified plate-like precipitates as the intermetallic compound NiAlTa with a
hexagonal C14 structure, using XRD. They also stated that at least three possible ternary
compounds between Ni, Al, and Ta could form: (1) NiAlTa with a hexagonal MgZn2
(C14)-type structure (space group P63/mmc), (2) Ni2AlTa with a cubic Heusler alloy struc-
ture (Cu2AlMn-type) and nominal lattice parameter a = 5.949 Å, and (3) (Al0.5Ta0.5)Ni3
with a hexagonal Ni3Ti-type (DO24) structure, which has been confirmed in this work.
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In addition to the plate-like precipitates, numerous fine Cr-rich (as confirmed on the
EDX mapping) precipitates with a size of about 300 nm were also found inside β-NiAl
(Figure 18). Chromium has limited solubility of approx. 1 at.%. in NiAl at lower tempera-
tures. Maximum solubility additionally depends on the Ni/Al concentration ratio and is
slightly greater in alloys containing less than 50% Al, and is related to the site preference of
Cr for Al in NiAl [53]. Based on the SAED pattern, it is shown that the precipitates have a
regular body-centered structure (BCC) with a nominal lattice parameter of a = 2.884 Å [54],
which is nearly equal to the lattice parameter of the β-NiAl; therefore, only minor mis-
fit occurs. Higher alloying levels of Cr lead to the formation of α-Cr precipitates upon
slow cooling of castings. The orientation relationship between the α-Cr precipitates and
the β-NiA1 matrix was determined to be cube-on-cube, i.e., <100> α {001} α//<100> β

{001} β, as confirmed earlier by Cotton et al. [53]. The results of thermodynamic simula-
tions did not show the presence of α-Cr in the as-cast A7–A9 superalloys. However, it
should be noted that the simulation predicted Cr-rich phase precipitation (as shown in
Figure 2 of the σ phase) at the end of solidification. The σ phase was not detected during
STEM-HAADF observations.
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α-Cr has a higher melting temperature and a lower coefficient of thermal expansion
compared to β-NiAl, reducing thermal stresses [53]. Based on heat-treating experiments of
Ni-Al-Cr model alloys, Tian et al. [55] stated that the fine α-Cr precipitates strongly increase
the hardness of NiAl thanks to the perfect lattice coherency at the α-Cr/NiAl interface. The
softening that occurs after long-term annealing is caused by the loss of coherency induced
by the attraction of matrix dislocations to the precipitate/matrix interface, followed by
climbing around the precipitates.

3.3. Analysis of the A1–A9 Superalloys Phase Transformation Temperatures during Heating

The dilatometric (DIL) study was carried out to analyze phase transformations occur-
ring in the A1–A9 superalloys during heating. The obtained curves are shown in Figure 19.
The dilatation effect observed above 700 ◦C in all superalloys is accompanied by an in-
crease in the coefficient of thermal expansion (CTE). The γ and γ′ phases dominate the
microstructure of the A1–A9 superalloys, and it seems that changes originating from their
behavior will be the most important. It could indicate that the gradual dissolution of
the γ′ precipitates in the matrix causes its volume fraction to decrease. With increasing
temperatures, the lattice parameters of the phases increase; however, the lattice parameter
of the γ matrix increases more rapidly than that of γ′ precipitates [56,57]. Consequently,
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this effect would be visible on the curves as an increase in the thermal expansion coefficient,
as was indeed observed. The local highest point in this dilatation effect could correspond
to the temperature at which the most intense dissolution process occurs, while the end may
be associated with crossing the γ′ solvus temperature. The process of γ′ dissolution takes
place in a wide temperature range, which has been confirmed in many superalloys [58–60].
During dilatometry experiments, Trexler et al. [61] observed that the GTD111 superal-
loy is characterized by a rapid change in CTE above 800 ◦C, at which the γ′ precipitates
start to dissolve. The second dilatation effect was found in the range of 1170–1190 ◦C for
superalloys A1–A6.
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Further heating significantly increased the length of the sample, accompanied by
local melting. Since the effect occurs at a similar temperature for these six alloys, it must
originate from the phase present in all of them. The Laves phase was found in all these
alloys, characterized by a similar chemical composition and relatively high volume fraction.
This effect will be discussed in greater detail in the calorimetry section. In superalloys
A7–A9, Laves phase precipitation also occurs; however, the effect of their dissolution on
the dilatometric curve most likely coincides with the temperature at which the sample
starts to locally melt; therefore, it is not noticeable. Further heating of the samples led to a
significant increase in the coefficient of thermal expansion, which is most likely related to
the initiation of bulk sample melting.

The phase transformation temperatures in the as-cast superalloys were also analyzed
via DSC (Figure 20) and the temperatures are summarized in Table 5. Knowledge of γ′
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solvus temperatures is often important in controlling solution heat treatment temperatures
before precipitation hardening. Moreover, the solvus temperature of the γ′ phase is closely
related to the temperature-bearing capacity of Ni-based superalloys. Therefore it is crucial
to investigate the effect of alloying elements on the solvus temperature when designing
novel materials.
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Table 5. Phase transformation temperatures of the A1–A9 superalloys registered during DSC heating.

Alloy γ’ solvus Dissolution of
Laves Phase

Incipient Melting
(Solidus)

β-NiAl
Dissolution Liquidus MC Carbides

Dissolution

A1 1072 1176 1224

not registered

1353 1357
A2 1055 1179 1263 1351 1354
A3 1084 1184 1247 1346 1350
A4 1106 1182 1245 1330 not registered
A5 1111 1185 1250 1339 1343
A6 1080 1193 1258 1345 1350
A7 1089 1185 1211 1267 1302

not registeredA8 1117 1189 1208 1272 1293
A9 1087 1190 1201 1266 1292

In low Al/Ti ratio superalloys, the solvus temperature is in the range of approx.
1055–1084 ◦C. In the second group, these values are slightly higher, i.e., 1080–1111 ◦C.
This indicates that the Al concentration has a greater influence on the solvus temperature
than Ta. This is most likely due to Ta being a significant element in other phases, like
MC carbides and the η phase. In superalloys with a high Al/Ti concentration ratio, the γ′

solvus temperature is 1087–1117 ◦C. However, it should be noted that a large amount of
Al forms β-NiAl precipitates, which are still stable at this temperature. The values of γ′
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solvus determined by means of the DSC curves are very close to the end temperature of the
dilatation effects. The γ′ solvus temperature of commercial superalloys IN740 (Ti = 1.8 wt%,
Al = 0.9 wt%) and IN740H (Ti = 1.35 wt%, Al = 1.35 wt%) is lower, 860 ◦C and 975 ◦C,
respectively, as determined by Xie [40] via thermodynamic simulations. It results from
the lower amount of γ′-formers as compared to the A1–A9 superalloys. A very clear
endothermic effect is observed in all superalloys above 1170 ◦C. Despite the differences in
chemical composition, the temperature range in which this effect is observed is relatively
narrow, i.e., 1176–1193 ◦C. In each of the individual groups (low, medium, and high Al/Ti
ratio), the peak temperature increases with Ta contents. The values recorded on the DSC
curves are very similar to those that correspond to the dilatation effect on the DIL curves.
As previously, this effect most likely comes from the Laves phase. A similar endothermic
peak within the temperature range of 1162–1190 ◦C was observed by Cao et al. [62] in the
differential thermal analysis (DTA) thermograms of Alloy 718 in as-cast condition. The
effect was assigned to the Laves phase eutectic reaction. Directly after initial melting, the
liquation of the existing Laves eutectic and matrix was reported to rapidly increase with
temperature. This phenomenon was responsible for the endothermic process after the
Laves peak on the thermograms. The authors also investigated how earlier superalloy
annealing influences the latter melting process of Alloy 718. They proved that the incipient
melting temperature of a fully homogenized (T = 1190 ◦C, t = 48 h) superalloy was higher,
approx. 1230 ◦C, which is the solidus temperature of Alloy 718. These results suggest that
the solution heat treatment of the A1–A9 superalloys should include a step before the final
temperature to prevent the local melting of Laves phase.

Further heating led to crossing the solidus temperature of the superalloys. In the
A1–A3 superalloys, it is in the range of 1224–1263 ◦C. In the A4–A6 variants, it increases
with the Ta concentration from 1245 ◦C to 1258 ◦C. In superalloys A7–A9, the solidus
temperature decreased with increasing Ta contents from 1211 ◦C to 1201 ◦C. The β-NiAl
phase, also present in the A7–A9 superalloys, dissolves at much higher temperatures. An
inflection is registered in the range of 1266–1272 ◦C. During DSC experiments of as-cast
superalloy SX, Song et al. [46] registered incipient melting at 1321 ◦C and β-NiAl dissolution
at 1346 ◦C, when a significant amount of liquid phase was present. The high melting point
of the β-NiAl phase can induce impediments in homogenizing heat treatment. Based on
long-term annealing experiments, Song et al. [45] indicated that during high-temperature
exposure, Ni and Al diffuse to the surrounding γ and γ′ phases, and suggested that β-NiAl
can be eliminated through exposure at 1100 ◦C for 1000 h.

Superalloys with a low Al/Ti ratio have the highest liquidus temperatures, whereas
it is lower for each of the following two groups due to higher Al concentrations. As the
Ta concentration increases, it begins to decrease in superalloys A1–A3 and A7–A9. The
lower liquidus temperature in superalloys A4 and A5 in relation to A6 may result from
the earlier dissolution of γ/γ′ eutectic islands and, in turn, the enrichment of the liquid in
Al. The last recorded effect originates from the dissolution of MC carbides. In the A4 and
A7–A9 superalloys, no thermal effects were recorded. However, this is not due to the lack
of MC carbides, the presence of which was confirmed during microstructure observations.
Liu et al. [63], who investigated the influence of temperature on the homogenization of
melted Inconel 738LC, showed that MC carbides could survive at a temperature much
higher than liquidus. At 1550 ◦C, the MC carbides did not completely dissolve in the
liquid after about 5–10 min. For comparison, the liquidus temperature of Inconel 738LC
superalloy is lower, 1336–1342 ◦C [64].

4. Conclusions

Based on the results and observations of as-cast model A1–A9 superalloys, character-
ized by various Al/Ti ratios and Ta concentrations, the following conclusions are proposed:

- The Scheil solidification simulation showed the formation of the γ, γ′, MC carbides,
and Laves phase in all castings. Additionally, β-NiAl was predicted in superalloys
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with high Al/Ti ratios. G phase precipitates could form in the final stage of solidifica-
tion in superalloys with low and medium Al/Ti ratios.

- For all castings, the XRD spectra revealed peaks corresponding to γ matrix, γ′ pre-
cipitates, and MC. The β-NiAl phase is present in castings characterized by high
Al/Ti ratios.

- As verified by SEM and TEM, the microstructure of alloys A1–A9 consists of a γ

matrix, γ′ phase, (Nb, Ti, Ta)C carbides, and Laves phase precipitates. The alloys
with low and medium Al/Ti ratios, except variants A4 and A5, were additionally
strengthened by plate-like η phase precipitates.

- It was shown via SEM-EDX analysis that the initial Ta concentration in the superalloy
has a strong influence on the MC carbides’ composition, as it can partially replace Nb
and Ti. The Ta/Nb and Ta/Ti concentration relationship in carbides increases with Ta
content in the superalloy.

- The high initial Al/Ti concentration ratio in the A7–A9 superalloys led to the formation
of the β-NiAl phase, strengthened locally by η phase and α-Cr precipitates.

- On the DIL curves of all alloys, dilatation effects originating from γ′ precipitates are
observed. In the A7–A9 superalloys, the effect from Laves phase dissolution was
registered right before sample melting.

- Based on the DSC curves, the γ′ solvus temperature in alloys with low and medium
Al/Ti ratios was in the range of 1055–1084 ◦C and 1080–1111 ◦C, respectively. The
liquidus temperature decreased with the increase in Al/Ti ratio.
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3. Rakoczy, Ł.; Grudzień, M.; Tuz, L.; Pańcikiewicz, K.; Zielińska-Lipiec, A. Microstructure and properties of a repair weld in a

nickel based superalloy gas turbine component. Adv. Mater. Sci. 2017, 17, 55–63. [CrossRef]
4. deBarbadillo, J.J. Inconel 740H. In Materials for Ultra-Supercritical and Advanced Ultra-Supercritical Power Plants; Woodhead

Publishing: Shaston, UK; Cambridge, UK, 2017. [CrossRef]
5. Baker, B.A. A new alloy designed for superaheater tubing in coal-fired ultra supercritical boilers. In Proceedings of the

International Symposium on Superalloys 718, 625, 706 and Derivatives, TMS (TheMinerals, Metals & Materials Society), Pittsburgh,
PA, USA, 2–5 October 2005; pp. 601–611.

211



Materials 2022, 15, 3296

6. de Barbadillo, J.J.; Baker, B.; Xie, X. Superalloys for advanced energy applications: Inconel alloy 740H—A case study on
international government-industry-university collaboration. In Proceedings of the 13th International Symposium on Superalloys,
TMS (The Minerals, Metals & Materials Society), Pittsburgh, PA, USA, 11–15 September 2016; pp. 217–226.

7. Xie, X.; Chi, C.; Yu, H.; Yu, Q.; Dong, J.; Zhao, S. Structure stability study on fossil power plant advanced heat-resistant steels
and alloys in China. In Proceedings of the Advances in Materials Technology for Fossil Power Plants, Santa Fe, NM, USA,
31 August–3 September 2010; pp. 30–52.

8. Xie, X.; Zhao, S.; Dong, J.; Smith, G.; Patel, S. An investigation of structure stability and its improvement on new developed
Ni-Cr-Co-Mo-Nb-Ti-Al superalloy. Mater. Sci. Forum 2005, 475, 613–618. [CrossRef]

9. Zhao, S.; Xie, X.; Smith, G.; Patel, S. Microstructural stability and mechanical properties of a new nickel-based superalloy. Mater.
Sci. Eng. A 2003, 355, 96–105. [CrossRef]

10. Shin, G.S.; Yun, J.Y.; Park, M.C.; Kim, S.J. Effect of Mo on the thermal stability of γ′ precipitate in Inconel 740 alloy. Mater. Charact.
2014, 95, 180–186. [CrossRef]

11. Abbasi, M.; Kim, D.-I.; Shim, J.H.; Jung, W.-S. Effects of alloyed aluminium and titanium on the oxidation behavior of Inconel 740
superalloy. J. All. Comp. 2016, 658, 210–221. [CrossRef]

12. Ennis, P. Nickel-Base Alloys for Advanced Power Plant Components. In Coal Power Plant Materials and Life Assessment; Woodhead
Publishing: Shaston, UK; Cambridge, UK, 2014; pp. 147–167. [CrossRef]

13. Rozman, K.; Detrois, M.; Jablonski, P. Mechanical performance of various Inconel 740/740H alloy compositions for use in A-USC
castings. In Proceedings of the 9th International Symposium on Superalloy 718 & Derivatives: Energy, Aerospace, and Industrial
Applications, Pittsburgh, PA, USA, 3–6 June 2018; pp. 611–627. [CrossRef]
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Abstract: The microstructure of a René 108 Ni-based superalloy was systematically investigated by
X-ray diffraction, light microscopy, energy-dispersive X-ray spectroscopy, and electron microscopy
techniques. The material was investment cast in a vacuum and then solution treated (1200 ◦C-2h) and
aged (900 ◦C-8h). The γ matrix is mainly strengthened by the ordered L12 γ′ phase, with the mean
γ/γ′ misfit, δ, +0.6%. The typical dendritic microstructure with considerable microsegregation of
the alloying elements is revealed. Dendritic regions consist of secondary and tertiary γ′ precipitates.
At the interface of the matrix with secondary γ′ precipitates, nano M5B3 borides are present. In the
interdendritic spaces additionally primaryγ′ precipitates, MC and nano M23C6 carbides were detected.
The γ′ precipitates are enriched in Al, Ta, Ti, and Hf, while channels of the matrix in Cr and Co.
The highest summary concentration of γ′-formers occurs in coarse γ′ surrounding MC carbides.
Borides M5B3 contain mostly W, Cr and Mo. All of MC carbides are enriched strongly in Hf and
Ta, with the concentration relationship between these and other strong carbide formers depending
on the precipitate’s morphology. The nano M23C6 carbides enriched in Cr have been formed as a
consequence of phase transformation MC + γ→M23C6 + γ′ during the ageing treatment.

Keywords: superalloy; HRSTEM; STEM-EDX; M23C6; nano-borides

1. Introduction

Ni-based alloys used for working at high homologous temperatures are the most advanced
metallic construction materials. The unique combination of high strength and excellent oxidation
resistance makes it an irreplaceable group of materials in aerospace, power, and nuclear industries.
The usefulness of Ni-based superalloys during long-term service at harsh conditions depends strongly
on the alloying elements, their concentrations, and the morphology of the main strengthening
phases [1–4]. The development of the first Ni-based superalloys began over 100 years ago. It happened
around 1918 with the patenting of the Ni-20Cr alloy (Nichrome) [5,6]. It became a progenitor for
the next superalloys of the Nimonic and Inconel series [7]. In 1929, Bedford, Pilling, and Merica
presented the results of the study on the influence of Al and Ti on the mechanical properties of the
Nichrome superalloy [1,5]. They noticed that the addition of these elements significantly increases
creep resistance. Despite difficulties in observing fine precipitates responsible for the strengthening,
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several subsequent Ni-based superalloys were developed [8]. In the following years, some of the
nickel content was replaced with cobalt, thus increasing the high-temperature oxidation resistance.
One of the main representatives of Ni-Cr-Co alloys was Nimonic 90 with 20% of cobalt [9]. In the
1930’s the gas turbine design by Elling had an operating temperature which did not exceed 550 ◦C [10].
There was no huge demand for Ni-based superalloys because the austenitic stainless steels could
still work safely at this temperature. Several years later engines constructed by Heinkel and Whittle
led to breakthrough in the Ni-superalloys’ development because the service temperature reached
780 ◦C [11,12]. Conventional stainless steels were not able to meet the growing requirements [13].
During the Second World War superalloys were therefore modified by introducing even higher amounts
of aluminium and titanium. Meanwhile, at the end of the 1940s, it was noticed that the additions
of refractory elements, like Mo, contribute to a significant solution and precipitation strengthening
with carbides. In the 1940s, engine components were manufactured by forging and air casting and
so the strength and metallurgical purity were not the highest. The introduction of vacuum casting
technology in 1952 was considered to be the most essential step towards improving the mechanical
properties and purity of both cast and wrought superalloys [4,14]. Before the advent of vacuum
melting and casting techniques, cast superalloys did not gain wide acceptance for a turbine blade
application. One of the first alloys to be vacuum cast was Inconel 713C and this became widely
used in the aerospace industry. The high carbon content contributed to excessive primary carbides,
poor ductility at low temperatures and problems with integrally bladed disc castings. To overcome this
issue, a low carbon version of the alloy was made and is also widely used for turbine blades [14–16].
In the late 1950s, H.L. Eiselstein developed Inconel 718 precipitation strengthened by intermetallic
phase γ” (Ni3Nb), which, along with the Waspaloy, was quickly put into continuous production [4,17].
In the 1960s, it began to be seen that chromium could be partially replaced to achieve even higher
creep resistance. However, limiting its concentration sensitized superalloys to high-temperature
corrosion and so more attention was paid to its influence on microstructure and properties [4,18].
Numerous chemical composition modifications broadened the knowledge of metallurgists and allowed
to develop new grades of superalloys, but also this was associated with design faults. Excessive
amounts of alloying elements led to the formation of detrimental topologically closed phases (TCP) [19].
These undesired results indicated that in such complex materials design, it is necessary to use additional
tools, computer software [20]. In the late 1960s, the strengthening of superalloys by only increasing
Al and Ti became impractical. Taking into account only weight fraction, they were not the dominant
alloying elements. Their too high concentration prevents the production of complex castings due to
brittleness and so Al + Ti concentration usually does not exceed 8% [21,22]. Thanks to lowering of
the Ti concentration, the castability was considerably improved, which consequently led to design
of the new superalloys with low Ti/Al ratio [23]. Additionally, the Mo and Ta concentrations were
increased in order to strengthen the γ-matrix. The proposal of molybdenum replacement by tungsten
was adopted during the development of the MAR M200 by Martin Metals Company. Too high creep
rate led to premature failure, and in response to this result, the superalloy was modified by hafnium,
and so the MAR M002 was introduced [14,24]. Hf leads to fine and stable MC carbides’ formation.
This contributed to the modification of many previously developed superalloys like Inconel 713C
(to MM-004) and B1900 (to MM-007) [25,26]. Another, approach to overcoming the intermediate
temperature ductility problem in cast superalloys has been the development of the so-called BC
superalloys [14,27]. Maxwell [28] found that the high boron content (0.1–0.16%) with a low carbon
concentration guarantees the improvement of the creep resistance of MAR M200 superalloy at 760 ◦C,
without reducing other properties. Quichou [29] confirmed that BC superalloys were characterized by
better castability properties than IN792, IN792+Hf, and IN100. This impact was the result of borides’
formation in the grain boundaries. A similar effect was obtained in many other superalloys, thanks
to which boron is still an essential alloying element [30–32]. In the following years, the design of
polycrystalline alloys assumed the use of all previously known mechanisms. After several decades,
the archetype of the superalloys, two-component Nichrome, was modified to such an extent that
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the alloying elements exceeded twelve. The best examples of this are the microstructurally complex
superalloys as MAR-M247 and Inconel 792+Hf [33–35].

To understand the behaviour of the especially complex Ni-based superalloys at high-homologous
temperatures it is necessary to characterize their microstructures in fully heat-treatment condition.
Detection and characterization of precipitates, even nano-precipitates, is essential in the study of
creep and fatigue degradation. Without the knowledge about the phase composition of material, it is
problematic to predict the microstructure evolution during long-term service. The main aim of this
work was to perform the comprehensive characterization of equiaxed Ni-based superalloy René 108
from micro- to atomic-scale resolution by using analytical microscopy techniques.

2. Experimental Procedure

The experimental material was a René 108 Ni-based superalloy casting. It was heat treated in
a vacuum with the following parameters: (a) solution: 1200 ◦C-2h; (b) ageing: 900 ◦C-8h. Chemical
composition designated by optical emission spectroscopy (OES) is presented in Table 1.

Table 1. Chemical composition of René 108 determined by optical emission spectroscopy (OES), wt%.

Element Cr W Co Al Ta Hf Ti Mo C B Zr Ni

Concentration 11.4 8.9 8.2 6.4 3.6 1.5 0.8 0.5 0.08 0.02 0.0125 Bal.

Microstructural observations and analyses were performed using: thermodynamic
simulations, X-ray diffraction (XRD), light microscopy (LM), scanning electron microscopy (SEM),
scanning-transmission electron microscopy (STEM), high-resolution scanning-transmission electron
microscopy (HRSTEM), dispersive X-ray spectroscopy (EDX). Thermo-Calc software (ThermoCalc
Software AB, version 2020a, Solna, Sweden) (database TCNI6:Ni-Alloys) was applied to calculate the
maximum solubility of selected alloying elements (Cr, Co, W, Al, Ti, Ta, Hf, Mo, B, C) in the Ni-matrix at
1200 ◦C and 900 ◦C. XRD study was on a Siemens/Bruker D5005 diffractometer using Co Kα (λ = 1.79 Å)
radiation source in Bragg-Brentano geometry. The samples were wire cut from the part into a plate with
dimensions 20×20×10 mm and then were ground and polished on a diamond suspension. The XRD
patterns were acquired at a scan rate of 0.04 ◦/s with 2θ (Bragg angle) and a scan range from 20◦ to
130◦. The angles were read off from the positions of the peaks on a diffractogram and the interplanar
spacings dkhl were calculated using the Bragg-Wulff equation (Equation (1)). Deconvolution for the
double-peaks was performed by the least-square method. Based on the computed lattice aγ and aγ′
parameters (Equation (2)), the γ/γ′ misfit coefficient (Equation (3)) was determined.

dhkl =
λ

2 sinθ
(1)

a =
λ
√

h2 + k2 + l2

2 sinθ
(2)

δ =
2(aγ′ − aγ)

aγ′ + aγ
(3)

The samples (30×30×30 mm) for LM and SEM observations, cut from the investment
casting, were ground, polished (diamond suspensions: 3 µm, 1 µm; colloidal silica: 0.25 µm),
and electrochemically etched in 10% oxalic acid (C2H2O4). Initial characterization of morphology and
distribution of precipitates was carried out on a Leica light microscope (Leica Microsystems, Wetzlar,
Germany). For SEM-EDX analyses, 20 kV accelerating voltage was set on a Phenom XL (Phenom-World,
Eindhoven, Netherlands) apparatus equipped with Energy Dispersive X-ray Spectroscopy detector.
Segregation coefficient (concentration of alloying element “i” in the center of dendrite arm divided by
concentration in the interdendritic space, determined by SEM-EDX, was calculated in accordance with
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Equation (4), based on the 20 measurements in various locations (each area 10 × 10 µm). Quantitative
chemical analysis was carried out using the ZAF correction.

ki =
Ci

D

Ci
ID

(4)

where:

Ci
D—concentration of “i” alloying element in dendritic region, at%

Ci
ID —concentration of “i” alloying element in interdendritic space, at%

Image analysis of the precipitates was performed by ImageJ commercial software (National
Institutes of Health and the Laboratory for Optical and Computational Instrumentation, University
of Wisconsin, 1.51j8, Madison, WI, USA). The relative volume of carbides and γ′ precipitates was
determined by the planimetric method. According to the Cavalieri-Hacquert principle, the estimator
of the relative volume occupied by a given component of the alloy structure is the fraction of the area
occupied by this component on the unit plane of the sample:

Vv = AA (5)

AA =
(ΣAi

A

)
∗ 100% (6)

where:

Vv—total volume of the phase object per unit volume of the alloy, µm3/µm3

AA—total field flat sections on the individual phase of the image per unit area, µm2/µm2

Ai—total field of flat sections on the individual i-phase, µm2

A—total image area, µm2

For the calculation of carbides’ volume fraction, the 5 images captured by LM under magnification
x100 were used (area 1.18 mm2). In the case of γ′ 10 images were used at ×20000 magnification (area
179.8 µm2). All images were put to binarisation and a despeckle filter, which removed noise without
blurring edges. The area (A) and perimeter (P) of each γ′ precipitate (from the area range 0.06–5.0 µm2)
were measured to calculate the distribution of γ′ shape factor ξ = (4Π*A)/(P2). The mean size of the
γ′ was represented by the equivalent radius for the area. Stereological analysis for γ′ precipitates
was carried for more than 1650 precipitates in a dendritic region. Specimens for STEM and HRSTEM
investigation were prepared by ion polishing. Slices were first ground mechanically to a thickness of
about 0.05 mm, and then 3 mm discs were punched from these ground samples and dimpled using a
Gatan Dimple Grinder (Gatan, Inc., Pleasanton, CA, USA) on each side. The last step was thinning by
Ar+ ion beam (PIPS of Gatan). Before loading into the microscope, the thin foils were cleaned by a
plasma cleaner for removing surface contamination. Investigations were performed using a probe
Cs-corrected FEI Titan Cubed G-2 60-300 (Thermo Fisher Scientific, Eindhoven, Netherlands) with
ChemiSTEM system operating at 300 kV. Images in atomic scale resolution were analyzed by Fast
Fourier Transformation (FFT) to obtain position of diffraction peaks. The patterns were solved with
JEMS software (JEMS-SWISS, Jongny, Switzerland).

3. Results and Discussion

3.1. Calculation of the Alloying Elements Solubility in Nickel by Thermo-Calc

Table 2 summarizes atomic radius [36] and solubility data for various elements in Ni at 1200 ◦C
and 900 ◦C calculated by thermodynamic simulations with Thermo-Calc. It is helpful information
in the phase analysis of Ni-based superalloy by advanced electron microscopy. Co and Ni exhibit
complete solid solution in the face-centered cubic structure. Besides these, the elements characterized
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by the highest solubility in the Ni matrix include Cr and Mo. At 1200 ◦C it is 49.53 at% and 25.97 at%,
respectively. As the temperature drops to 900 ◦C, the solubility of Cr and Mo in γ matrix decreases,
however, these values are still high. The main strengthening phase in cast nickel superalloys is γ′ with
the stoichiometric formula Ni3Al. The solubility of Al in Ni for cooling 1200 ◦C→ 900 ◦C changes
from 18.38 at% to 14.38 at%, while Al position in the unit cell can be replaced by other elements as
Ti and Ta. Hf is characterized by remarkably low solubility in nickel, which drops from 1.24 at%
at 1200 ◦C to just 0.26 at% at 900 ◦C. In contrast, carbon causes Hf, as also Ta, Ti, and W to form
carbides. From all alloying elements, boron has the lowest solubility in Ni, both at 1200 ◦C (0.36 at%)
and 900 ◦C (0.019 at%). If its content in the material exceeds the maximum solubility in Ni, it creates
favorable conditions for borides’ formation. To summarise, the limited solubility in Ni of several
alloying elements results in strengthening phases in the René 108 microstructure, i.e., intermetallic
phases, carbides and borides.

Table 2. Solubility of selected alloying elements in nickel at 1200 ◦C and 900 ◦C. Calculated
by Thermo-Calc.

Element Radius, Å
Solubility in Nickel, wt%/at%

1200 ◦C 900 ◦C
Ni 1.49

Cr 1.66 46.50/49.53 38.49/41.40

Co 1.52 100/100 100/100

W 1.93 39.01/16.96 35.31/14.84

Al 1.18 9.38/18.38 7.17/14.38

Ta 2.00 20.19/7.58 12.87/4.57

Hf 2.08 3.67/1.24 0.78/0.26

Ti 1.76 11.98/14.30 8.58/10.32

Mo 1.90 36.45/25.97 27.77/19.04

B 0.87 0.067/0.36 0.019/0.10

C 0.67 0.426/2.05 0.162/0.79

Zr 2.06 1.047/0.68 0.591/0.38

3.2. Characterization of Phase Compositions and γ/γ′ Lattice Misfit by XRD

The XRD pattern for heat-treated René 108 is presented in Figure 1. It reveals peaks of three
phases: γ matrix, intermetallic phase γ′ and MC carbides. In Table 3, the interplanar spacing dhkl and
lattice parameters of detected phases are shown as measured on the XRD pattern. The mean lattice
parameter of the matrix and precipitates determined using analyzed reflections were 3.59 Å (±0.01 Å)
and 3.60 Å (±0.02 Å), respectively. The mean misfit coefficient calculated by Equation. (3) based on all
double peaks is positive, δ = +0.6% (±0.5%). Note that the misfit value is an average value because
of the relatively high level of alloying elements segregating in the dendritic structure of equiaxed
superalloys. Lattice misfit is related to the morphology of precipitates. Superalloys with spherical
precipitates are characterized by misfit ±0–0.2%, and with cubic ±0.5–1% and plate-like precipitates
> ±1.25% [37]. Lattice misfit has long been associated with alloy strengthening, and so low misfit is
preferred to withstand coarsening. Typical heat treatment (solution + ageing) is generally carried out
to favour cubic morphology of γ′ precipitates.
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Figure 1. XRD pattern of René 108 (Co Kα radiation), λ = 1.79 Å. 

Table 3. The measured values of dhkl spacing and lattice parameters for γ, γ', MC carbides in the René 
108. 

(hkl) dhkl, Å a, Å 
 γ matrix FCC Fm3m (225): PDF No. 47-1417 

(111) 2.07 3.59 
(200) 1.80 3.60 
(220) 1.27 3.58 
(311) 1.08 3.58 
(222) 1.04 3.59 

 γ' FCC ordered L12: PDF No. 65-3245 
(111) 2.09 3.62 
(200) 1.81 3.63 
(210) 1.60 3.58 
(220) 1.27 3.59 
(221) 1.20 3.60 
(311) 1.08 3.60 
(222) 1.04 3.60 

 MC FCC Fm3m (225): PDF No. 74-1223 
(111) 2.61 4.52 
(200) 2.26 4.52 
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Figure 1. XRD pattern of René 108 (Co Kα radiation), λ = 1.79 Å.

Table 3. The measured values of dhkl spacing and lattice parameters for γ, γ′, MC carbides in the
René 108.

(hkl) dhkl, Å a, Å

γ matrix FCC Fm3m (225): PDF No. 47-1417

(111) 2.07 3.59

(200) 1.80 3.60

(220) 1.27 3.58

(311) 1.08 3.58

(222) 1.04 3.59

γ′ FCC ordered L12: PDF No. 65-3245

(111) 2.09 3.62

(200) 1.81 3.63

(210) 1.60 3.58

(220) 1.27 3.59

(221) 1.20 3.60

(311) 1.08 3.60

(222) 1.04 3.60

MC FCC Fm3m (225): PDF No. 74-1223

(111) 2.61 4.52

(200) 2.26 4.52

3.3. Microstructure of René 108 Superalloy by LM and SEM

The unetched microstructure of the superalloy reveals the carbides’ distribution and their
morphology (Figure 2a). Their volume fraction is 0.88% (±0.16%). The high standard deviation
resulted from their uneven distribution in the casting volume. Carbides are characterized by a complex
morphology, namely small regular blocks, elongated parallelograms with smooth edges, and “Chinese
script”. The last one usually consisted of three separate parts: the central core terminated with an
angular head and perpendicularly arranged elongated arms. The core and arms were made of fine,
irregular carbides, unlike thick plates and rods. Etching revealed the dendritic structure of the casting
and significant local microsegregation of microstructural components (Figure 2b). Despite the heat
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treatment (solution + ageing), the microstructure is still very heterogeneous. The high content of
alloying elements, with their limited solubility in the γ matrix, has led to the formation of numerous
constituents. The dendritic areas are characterized by a relatively homogeneous microstructure with
γ′ precipitates of various sizes. In the interdendritic spaces, carbides and eutectic islands γ-γ′ are
additionally present.Materials 2020, 13, x FOR PEER REVIEW 7 of 24 
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Figure 2. Microstructure of René 108: a) unetched; b) etched, light microscopy (LM).

Significant differences in the microstructure of dendritic areas in relation to interdendritic spaces
indicate that segregation of the alloying elements is present. To show this quantitatively, SEM-EDX
measurements in these both regions were carried out. The data were used to calculate the segregation

coefficient ki =
Ci

D
Ci

ID
of each alloying element. The ratio of the concentration of an alloying element in

the centerline of dendrite arms to the concentration in the interdendritic spaces was calculated and is
presented in Figure 3. Results confirm the irregular distribution of elements. The ki values, when lower
than one, indicate that the element segregates to interdendritic spaces. When ki > 1, the element is
more concentrated in the dendritic regions. Elements that strongly segregate to interdendritic spaces
are Hf, Ta, Ti, and Al. When ki values are below one, corresponding to W, Co, and Cr, these elements
are more concentrated in dendrites. The most uniform distribution is observed for Ni and Mo.

Using the backscattered detector, SEM images with a strong dependence on the average atomic
number Z were obtained. The microstructure of the γ′ in dendritic regions is presented in Figure 4.
Large secondary γ′ precipitates are characterised by a complex morphology. Locally at their edges
there are single precipitates. During homogenization, secondary γ′ precipitates were dissolving in the
matrix. Some of those that were not completely dissolved, coagulated, and coalesced. During cooling,
they became nucleation sites for re-precipitating from the supersaturated γ solution. The misfit stresses
between the γ and γ′ phases promoted nucleation in the stress fields of subsequent precipitates in
these sites. Finer secondary γ′ precipitates had a cubic-like morphology. The differences in their
morphology are due to the various temperatures and time ranges in which they formed, as well as
the low coagulation rate during ageing. Inside the γ channels, between secondary γ′ precipitates,
spherical tertiary γ′ precipitates were revealed, formed independently from the supersaturated matrix
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during cooling after the ageing treatment. The volume fraction of the γ′ precipitates within the
dendrites calculated using SEM-BSE images is 54.99% (±3.65%). The γ′ mean radius distribution
presented in Figure 5a clearly reveals three classes which belong to large and fine secondary γ′ and
also tertiary γ′. Based on the area and perimeter of each precipitate, its shape coefficient was calculated.
All obtained values are summarised in Figure 5b. Two curves are fitted to the distribution. The green
one corresponds to the large secondary γ′ precipitates and the second pink curve to cubic secondary
and spherical tertiary γ′. According to the shape factor equation ξ = (4Π*Area)/(Perimeter2), the cubic
precipitates have a coefficient of ζ 0.785, while the spherical ζ of 1.0. Variation in nature (size, shape,
and volume fraction) of γ′ precipitates is observed among others due to the effects of microsegregation
and local cooling rates during casting solidification.
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Figure 4. Microstructure of precipitates in a dendrite arm: (a) secondary γ′; (b) secondary and fine
tertiary γ′.

In the interdendritic spaces, the primary, secondary, and tertiary γ′ precipitates are characterized
by much greater variability in distribution and morphology (Figure 6). These factors do not allow us
to compare effectively stereological parameters with precipitates inside the dendrites. The primary γ′
precipitates created at the end of casting’s solidification, through the L→ γ + γ′ phase transformation
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have an especially complex morphology. It is suggested that this phase transformation was monovariant,
namely progressing in the temperature range. The dissolution of large eutectics is challenging during
industrial solid solution treatment, while increasing the solution temperature may lead to undesirable
incipient melting. The eutectic γ-γ′ islands are an unwanted component in superalloys, but their
complete dissolution in the matrix during solution treatment is not possible. However, the high
solution temperature changed the thermodynamic conditions and lead to partial dissolution, which
consequently influenced the differentiation of the size of the secondary precipitates of the γ′ phase
around the eutectic γ-γ′ islands.
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Figure 6. Microstructure of γ′ precipitates in interdendritic space: (a) difference in size and morphology
of precipitates; (b) large primary γ′ precipitates.

MC precipitates appear as “white” precipitates and are concentrated in the interdendritic areas.
For all of them, the Z-contrast is almost the same. Semi-quantitative SEM-EDX analyses of MC carbides
were carried out to show the relationships between carbide formers, because it is widely known that
carbides of metals belonging to the same class show considerable inter-solubility. Results from selected
locations are presented in Figure 7 and Table 4. In chemical compositions of all carbides, strong carbide
formers dominate, especially hafnium and tantalum. The mutual relation between these elements
change, depending on the shape and size of a precipitate. The following relationships were calculated
between the elements with the highest affinity for carbon: Ta/Hf, (Ta + Hf)/(W + Ti) and (Ta/Hf)/(W +

Ti). Blocky shaped carbides with sharp edges located in the close vicinity of eutectic γ-γ′ islands are
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the only ones characterized by a low Ta/Hf ratio and a very high (Ta + Hf)/(W + Ti) (more than a dozen).
The carbides surrounded by the coarse γ′ phase had the Ta/Hf and (Ta + Hf)/(W + Ti) coefficients
in the range 2.0–3.0 and the (Ta/Hf)/(W + Ti) ≤ 0.1. The morphology of the last group of carbides is
similar to the previously described, with one general difference, lack of surrounding coarse γ′. Relation
Ta/Hf is 0.29–0.75, whereas (Ta + Hf)/(W + Ti) is in the range 4.75–8.06 and the (Ta/Hf)/(W + Ti) ≤ 0.05.
An additional 40 measurements were performed to present graphically the concentration relationships
between strong carbide formers in the carbides’ composition (Figure 8). Relationships in the corners of
the graph correspond with these in Table 4.
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Figure 7. Microstructure of MC carbides and location of SEM-EDX analysis points: (a) blocky carbides
and points no. 1–3; (b,c) carbides surrounded by the coarse γ′ and points no. 4–9; (d) morphologically
complex carbides and points no. 10–12.

At a grain boundary, continuous or semi-continuous layers of fine precipitates with irregular
morphology are observed (Figure 9a,b). Crosswise to the grain boundary, a linear analysis of the
distribution of selected alloying elements in one of these precipitates was performed (Figure 9c,d).
Enrichment in chromium and tungsten is revealed, and also slightly increased Mo content. Alloying
elements like Cr, W, and Mo are generally known to have a high affinity for boron/carbon, and the
solid solubility of boron/carbon in the γ phase is very low (as presented in Table 2). It is likely that
borides and/or secondary carbides can easily form at the grain boundaries in René 108.

224



Materials 2020, 13, 4452

Table 4. Results of SEM-EDX analysis in MC carbides, at%.

No. Ta Hf Ti Ni W Co Cr Mo Ta/Hf (Ta + Hf)/(W + Ti) (Ta/Hf)/(W + Ti)

1 12.2 75.0 1.1 6.9 1.0 1.4 1.0 1.4 0.16 42.95 0.08

2 16.3 73.3 1.2 5.4 1.2 1.0 0.9 0.7 0.22 37.99 0.09

3 16.6 72.3 2.0 6.0 0.8 0.7 1.1 0.5 0.23 32.32 0.08

4 42.5 21.1 17.4 7.7 5.9 2.4 1.8 1.3 2.01 2.73 0.09

5 42.7 16.8 19.1 8.2 7.1 2.4 2.3 1.4 2.54 2.27 0.10

6 43.9 19.9 19.5 6.9 5.5 0.9 1.6 1.8 2.20 2.56 0.09

7 42.8 18.3 18.4 7.9 7.0 2.2 1.8 1.7 2.35 2.40 0.09

8 23.4 54.5 6.5 5.7 5.9 1.4 1.0 1.6 0.43 6.26 0.03

9 17.5 61.1 4.2 5.9 5.5 2.9 2.1 1.0 0.29 8.06 0.03

10 44.9 21.5 18.9 5.9 5.2 1.1 1.0 1.5 2.09 2.76 0.09

11 30.9 41.3 10.0 6.9 5.2 2.6 2.0 1.1 0.75 4.75 0.05

12 20.2 19.9 6.4 5.6 1.1 1.9 1.6 20.2 2.15 2.49 0.08Materials 2020, 13, x FOR PEER REVIEW 11 of 24 
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Figure 9. (a,b) microstructure of precipitates at the grain boundaries; (c) location of linear SEM-EDX
analysis; (d) distribution of selected alloying elements at a grain boundary.

3.4. Characterization of Strengthening Phases by STEM and HRSTEM

3.4.1. Dendritic Regions

The γ phase constituting the matrix of René 108 superalloy is strengthened mainly with the γ′
phase. In the narrow channels of the γ matrix, between the large secondary γ′ precipitates, nanometric
tertiary γ′ precipitates are present (Figure 10). The interfaces γ/γ′ are additionally occupied by bright
nano-precipitates. The degree of strengthening and mechanical properties depends on the chemical
composition of the precipitates and the matrix, as well as the mutual crystallographic relationship,
which was also analysed.
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Figure 10. Microstructure of secondary γ′ with nano-precipitates at the γ/γ′ interface: (a) cubic-shaped
γ′ precipitates; (b) complex-shaped γ′ precipitate, STEM-HAADF.

The STEM-HAADF microstructure of dendritic region contains nano-precipitates at the interfaces
γ/γ′. Bright contrast indicates that they consist mainly of elements with higher atomic numbers Z than
those in phases γ and γ′ (Figure 10a). During observations of thin foils at higher magnification, it was
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confirmed that these precipitates differ in morphology (Figure 11), with the one precipitate type being
polygon-shaped with a 50 nm diameter, and the other being diamond-shaped (50 × 25 nm).Materials 2020, 13, x FOR PEER REVIEW 13 of 24 
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Nanostructure of the precipitates and their interfaces with the γ′ is shown in Figure 12. Based on
the FFT image analysis, both precipitates are confirmed to be M5B3 borides. This phase is characterized
by a body-centered tetragonal crystal structure with the space group I4/mcm and lattice parameters of
a = 5.46 Å and c = 10.64 Å [38]. It has a D81-type structure (Strukturbericht notation) based on the
information of atomic occupations in M5B3 phase. The atomic structure of boride obtained along the
four-fold [001]M5B3 direction of the M5B3 phase is presented in Figure 12b. Although B atoms are
invisible in the HAADF images due to their weak scattering ability, the structural characteristics of the
M5B3 phase can be displayed. Imaging M5B3 along [001] zone axis reveals only one type of Wyckoff

site. The relationship the γ/γ′ and M5B3 boride phases can be written as: [001]γ, γ′//[001]M5B3; (200)γ,
γ′//(130)M5B3 and [001]γ, γ′//[310]M5B3; (020)γ, γ′//(006)M5B3. The orientation relationship between
M5B3 and γ/γ′ has also been investigated by other authors. Han [39] and Sheng [40] observed the
relationship [001]γ//[001]M5B3 in model superalloys, while Zhang [41], based on René 80 superalloy
study, indicated that [010]γ//[130]M5B3 and [001]γ//[001]M5B3.
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Figure 12. Nanostructure of the M5B3 boride with corresponding Fast Fourier Transformation (FFT)
image: (a) Zone axis [310]M5B3; (b) Zone axis [001]M5B3, HRSTEM-HAADF.
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The STEM-EDX mapping of alloying elements covering the γ matrix channel and γ′ precipitates
with nano-precipitates at the γ/γ′ interface is presented in Figure 13. Additionally, the quantitative
analysis was carried out in 5 regions (Table 5). It was found that the main elements strengthening
the γ matrix (precipitates-free zone, PFZ) are Cr and Co, with concentrations of over 35 at%. Among
the elements which usually form (with Ni) the γ′ precipitates are Al, Ti, Ta, and Hf. Their total
concentration in the secondary γ′ phase is 17 at%, while in the tertiary is slightly lower, 15.4 at%.
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Table 5. Chemical composition of the precipitates in dendritic regions, STEM-EDX, at%.

Area Phase Ni Cr Co W Al Ta Hf Ti Mo

1 Matrix γ 52.1 21.5 16.9 4.7 3.4 0.3 0.2 0.2 0.7

2 Secondary γ′ 69.8 2.9 6.8 3.2 13.7 1.6 0.6 1.1 0.3

3 Tertiary γ′ 69.4 2.8 7.3 4.8 13.4 0.9 0.3 0.8 0.5

4
Boride M5B3

10.0 35.5 3.2 42.0 2.3 1.2 0.3 0.4 5.2

5 50.9 12.4 5.9 17.1 9.4 1.3 0.4 0.7 1.9

The mapping and analysis in selected areas confirmed that the partitioning of the alloying elements
occurs between γ and γ′ phases. The additional chemical composition measurements by STEM-EDX
of γ matrix and secondary γ′ phases were performed in 10 other locations to obtain better statistics;
the results are presented in Figure 14. The concentration of selected alloying element (i = Ni, Cr, Co,
etc.) in γ and secondary γ′ is presented as Cγi and Cγ

′
i , respectively. Cn

i is the nominal concentration
of an element in the bulk superalloy. The elements most strongly segregating to the intermetallic γ′
precipitates, i.e., those placed in the first quarter, are Ni, Al, Ta, Ti, and Hf. Alloying elements in the γ′
phase alter the formation energies of anti-phase boundaries (APBs), super lattice intrinsic stacking
faults (SISFs), and complex stacking faults (CSFs), and may also directly influence the strength and
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plasticity of the γ′ phase. The strengthening effect of the intermetallic γ′ precipitates could be improved
by the presence of elements like Ta and Ti because Ta-Ta and Ti-Ti bonds have higher energies than
Al-Al bond [42].

Materials 2020, 13, x FOR PEER REVIEW 15 of 24 

 

Table 5. Chemical composition of the precipitates in dendritic regions, STEM-EDX, at%. 

Area Phase Ni Cr Co W Al Ta Hf Ti Mo 
1 Matrix γ 52.1 21.5 16.9 4.7 3.4 0.3 0.2 0.2 0.7 
2 Secondary γ' 69.8 2.9 6.8 3.2 13.7 1.6 0.6 1.1 0.3 
3 Tertiary γ' 69.4 2.8 7.3 4.8 13.4 0.9 0.3 0.8 0.5 
4 

Boride M5B3 
10.0 35.5 3.2 42.0 2.3 1.2 0.3 0.4 5.2 

5 50.9 12.4 5.9 17.1 9.4 1.3 0.4 0.7 1.9 
The mapping and analysis in selected areas confirmed that the partitioning of the alloying 

elements occurs between γ and γ' phases. The additional chemical composition measurements by 
STEM-EDX of γ matrix and secondary γ' phases were performed in 10 other locations to obtain 
better statistics; the results are presented in Figure 14. The concentration of selected alloying element 
(i = Ni, Cr, Co, etc.) in γ and secondary γ' is presented as 𝐶௜ఊ and 𝐶௜ఊᇱ, respectively. 𝐶௜௡ is the 
nominal concentration of an element in the bulk superalloy. The elements most strongly segregating 
to the intermetallic γ' precipitates, i.e., those placed in the first quarter, are Ni, Al, Ta, Ti, and Hf. 
Alloying elements in the γ' phase alter the formation energies of anti-phase boundaries (APBs), 
super lattice intrinsic stacking faults (SISFs), and complex stacking faults (CSFs), and may also 
directly influence the strength and plasticity of the γ' phase. The strengthening effect of the 
intermetallic γ' precipitates could be improved by the presence of elements like Ta and Ti because 
Ta-Ta and Ti-Ti bonds have higher energies than Al-Al bond [42]. 

 

Figure 14. Plot 𝐶௜௡ − 𝐶௜ఊvs 𝐶௜ఊᇱ − 𝐶௜ఊ calculated based on the composition of the bulk superalloy, 
secondary γ' and the matrix. 

In accord with results of STEM-EDX analyses, in areas no. 4 and 5 (Table 5) borides are enriched 
in W, Cr, and Mo. Therefore they can be described by the formula (W, Cr, Mo)5B3. The concentration 
relationship of the two dominant W/Cr elements in the examined areas is 1.2, and 1.4, respectively, 
and the W/Mo relationship is 8.1 and 9.0. These relations are therefore very similar, and the 
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increase of tungsten concentration at the interface γ/M5B3. In the case of Cr, the concentration growth 
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Figure 14. Plot Cn
i − Cγi vs. Cγ

′

i − Cγi calculated based on the composition of the bulk superalloy,
secondary γ′ and the matrix.

In accord with results of STEM-EDX analyses, in areas no. 4 and 5 (Table 5) borides are enriched
in W, Cr, and Mo. Therefore they can be described by the formula (W, Cr, Mo)5B3. The concentration
relationship of the two dominant W/Cr elements in the examined areas is 1.2, and 1.4, respectively,
and the W/Mo relationship is 8.1 and 9.0. These relations are therefore very similar, and the differences
in the relative concentration results from the small thickness of the precipitate with a diamond shape.
The distribution of selected elements presented in Figure 15 shows the sharp increase of tungsten
concentration at the interface γ/M5B3. In the case of Cr, the concentration growth is more smoother
and occurs over a longer distance.Materials 2020, 13, x FOR PEER REVIEW 16 of 24 

 

 

Figure 15. Distribution of selected alloying elements in γ, M5B3 and γ' phases, STEM-EDX. 

3.4.2. Interdendritic Spaces 

Numerous Hf and Ta-rich carbides, as well as the γ-γ' eutectic islands, were revealed during 
the SEM studies of interdendritic spaces. Further observations with transmission electron 
microscopy were done to show the remaining phases. The microstructure of the interdendritic 
spaces is much more complex than that of the dendritic regions. The difference is due both to the 
more complex morphology of the precipitates and their phase contrast. One similarity to the 
dendritic regions is numerous M5B3 borides at the γ/γ' interfaces (Figure 16). It should be noted that 
boron may reduce the solubility of carbon in the γ matrix, which promotes carbides’ precipitation. 

 

Figure 16. Microstructure of precipitates in the interdenritic spaces, STEM-HAADF. 

The chemical composition of primary and secondary (cubic) γ' was investigated. The locations 
of mapping, distribution of selected alloying elements, and the areas subjected to quantitative 
analysis are shown in Figure 17 and Table 6. In areas no. 1 and 2 involving primary γ' precipitates, 
the total content of γ'-formers (Al, Ti, Ta, Hf) is 15.5 at% and 16.1 at%, respectively. In the areas no. 
3–4, which correspond to the secondary γ' precipitates, the values are lower and ranged from 
13.3–14.9 at%. 

Figure 15. Distribution of selected alloying elements in γ, M5B3 and γ′ phases, STEM-EDX.

229



Materials 2020, 13, 4452

3.4.2. Interdendritic Spaces

Numerous Hf and Ta-rich carbides, as well as the γ-γ′ eutectic islands, were revealed during the
SEM studies of interdendritic spaces. Further observations with transmission electron microscopy
were done to show the remaining phases. The microstructure of the interdendritic spaces is much more
complex than that of the dendritic regions. The difference is due both to the more complex morphology
of the precipitates and their phase contrast. One similarity to the dendritic regions is numerous M5B3

borides at the γ/γ′ interfaces (Figure 16). It should be noted that boron may reduce the solubility of
carbon in the γ matrix, which promotes carbides’ precipitation.
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Figure 16. Microstructure of precipitates in the interdenritic spaces, STEM-HAADF.

The chemical composition of primary and secondary (cubic) γ′ was investigated. The locations of
mapping, distribution of selected alloying elements, and the areas subjected to quantitative analysis
are shown in Figure 17 and Table 6. In areas no. 1 and 2 involving primary γ′ precipitates, the total
content of γ′-formers (Al, Ti, Ta, Hf) is 15.5 at% and 16.1 at%, respectively. In the areas no. 3–4, which
correspond to the secondary γ′ precipitates, the values are lower and ranged from 13.3–14.9 at%.

Table 6. Chemical composition of the primary and secondary γ′ precipitates in interdendritic space,
STEM-EDX, at%.

Area Phase Ni Cr Co W Al Ta Hf Ti Mo

1 Primary γ′ 71.0 3.5 7.1 2.6 11.6 1.4 1.1 1.4 0.3

2 70.2 3.6 7.0 2.8 12.3 1.5 1.0 1.3 0.3

3
Secondary γ′

71.8 2.7 6.5 2.7 11.2 1.3 1.0 1.4 0.6

4 74.1 2.7 6.5 3.1 10.0 1.3 0.9 1.1 0.5

STEM-EDX mapping was performed in the region which includes a fragment of the “Chinese script”
carbide, surrounded by a coarse γ′ precipitate (Figures 18 and 19). Additionally, three quantitative
analyses of the coarse γ′ chemical composition were carried out. Based on the results in Table 7,
the total content of Al, Ta, Ti, and Hf in the γ′ phase precipitates in an area no. 1–3 is 17.3 at%, 16.3 at%,
and 16.9 at%, respectively. The Cr distribution revealed the nano-precipitates not observed by SEM.
They are present locally on the edges of the MC carbides and are composed of mainly of Cr, whose
concentration is clearly higher than of W and Mo. Thus, the Cr/W relation in region no. 4 and 5 is 21.9
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and 13.3, respectively. It should be noted that similar layers enriched in Cr were not found on the edge
of blocky carbides near eutectic γ-γ′ islands, which indicates differences in thermodynamical stability
at elevated temperatures.Materials 2020, 13, x FOR PEER REVIEW 17 of 24 
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Figure 18. Microstructure of “Chinese script” carbide in interdendritic space, STEM-HAADF.

Table 7. Chemical composition of the coarse secondary γ′ and M23C6 (at the MC carbide edge), at%.

Area Phase Cr Co W Al Hf Ta Ti Mo Ni

1

Coarse secondary γ′
3.0 7.5 3.3 11.8 1.1 2.7 1.7 0.5 68.4

2 3.5 7.3 2.7 10.9 1.0 2.6 1.8 0.8 69.6

3 3.4 7.3 2.9 11.5 0.9 2.7 1.8 0.6 68.8

4 M23C6
43.7 4.5 2.0 6.2 3.3 6.5 2.7 1.9 29.4

5 53.3 6.3 4.0 2.5 2.8 5.3 1.6 2.2 22.0

Locally on the edges of MC carbides, nano-layers with width 5–15 nm are present (Figure 20a,b).
Reflections assigned to the FFT image correspond to the M23C6 carbide, which possesses a cubic crystal
structure composed of 116 atoms (D84 type). In order to reveal the distribution of selected elements at
the M23C6/γ′ and M23C6/MC interfaces, additional linear measurements were performed (Figure 20c).
The Cr smooth distribution changes at the interfaces γ′/M23C6 and M23C6/MC, indicating that the
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presence of M23C6 carbides can be explained by the interaction between the MC carbide and the matrix
during the heat treatment.
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Figure 19. Distribution of selected alloying element in the fragment of “Chinese script”
carbide, STEM-EDX.

M23C6 carbides are formed in medium- and high-chromium superalloys during casting’s
crystallization, heat treatment or annealing in the range of 760-980 ◦C. The alloying elements replacing
chromium in the crystal lattice could increase the lattice parameter [8]. The position of M is mainly
occupied by Cr. However, numerous alloying elements, including Mo and W, lead to a much more
complex composition, e.g., Cr21(Mo, W)2C6 and (Ni, Co, Fe, Cr)21(Mo, W)2C6. In superalloys with
increased iron content, it can be expected that they will partially replace chromium. In the solid-state,
the M23C6 carbides are precipitating directly from the carbon-enriched γmatrix or by the decomposition
reaction of the MC carbide, usually along grain boundaries, at twin boundaries, and on stacking
faults [37,43]. Long-term service or heat treatment of superalloys at elevated temperatures may lead
to the decomposition of MC carbides into more stable M23C6 and M6C with lower carbon content,
according to the following reactions [23]:

MC + γ→M23C6 + γ′, (I)

MC + γ→M23C6 + η, (II)

MC + γ→M6C + γ′, (III)
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The similarity in crystal structure sometimes makes the M6C and M23C6 carbides challenging to
distinguish. The M6C usually replace M23C6 carbides in alloys containing approximately over 6 wt%
Mo plus its atomic equivalent in W (weight per cent Mo plus one half the weight per cent W) [9,44,45].
The combined HRSTEM and STEM-EDX analyses show that I-type phase transformation occurred in
René 108 during heat-treatment. The same transformation was also observed in crept Inconel 713C
superalloy at 982 ◦C [46,47]. The Cr-rich M23C6 carbides then precipitated along the grain boundaries
in the form of blocks surrounded by the γ′ precipitates. The degradation of the microstructure after
annealing of the GTD111 superalloy at lower temperatures, 927 ◦C and 871 ◦C, mainly included the
type II transformation [48]. The η phase (tetragonal structure with a = b = 5.09 Å, c = 8.29 Å) was
particularly favoured by the enrichment of MC carbides in Ti and Ta because the Ti/Al concentration
ratio in the superalloy exceeded 1.5. Relatively high Ti/Al ratio in superalloys promotes η phase
formation, which, due to significant difference in lattice parameter compared to γ matrix, sensitizes the
η/γ interface to crack nucleation and consequently decreases creep rupture life [42,49,50]. In this study,
the Ti/Al relationship is 0.125, which is not favourable for the II-type phase transformation. The last
possible phase transformation includes the formation of M6C. The nano M6C carbides discontinuously
precipitated in the γ matrix or along γ/γ′ interfaces of the crept K416B superalloy (1100 ◦C) were
found by Xie [51]. Based on the thermodynamic analyses, solubility of C in the γ phase decreases
during creep, which leads to its segregation in the stress concentration areas and then combining with
carbide-formers such as W.Materials 2020, 13, x FOR PEER REVIEW 19 of 24 
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Figure 20. (a) atomic structure and FFT image of MC carbide (STEM-HAADF); (b) the nano-precipitate
of M23C6 at the MC edge (STEM-BF); (c) linear distribution of Cr, Hf and Ta (STEM-EDX).
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During the SEM observation, precipitates with a clear and bright contrast (high Z-number) are
revealed along the grain boundaries. This area has also been subjected to detailed STEM and HRSTEM
studies. Figure 21 shows the microstructure of the precipitates along the grain boundary and the
distribution of Ni, W and Cr in this area. The morphology and size of these precipitates are the same
as these at the γ/γ′ interfaces. The second similarity is enrichment in the same alloying elements.
Their nanostructure with the corresponding FFT image is presented in Figure 22. The M5B3 borides are
confirmed. Imaging this phase using tilting of grain boundary region revealed numerous precipitates.
On the SEM-BSE, such precipitates’ agglomeration is shown as a continuous or semi-continuous layer.
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It has been shown that the addition of boron to Ni-based superalloys could significantly influence
the grain boundary precipitation [31,52,53]. B atoms are larger than those of the other interstitial
atoms and smaller than those of the substitutional atoms in Ni-based superalloys. So, the lattice
distortion caused by boron is considerable. The small diameter of boron allows it to fill vacancies
at the grain boundaries, reducing the diffusivity in these regions [54]. During the ageing-treatment,
boron segregation to the grain boundaries occurs and a large number of solute atoms, such as tungsten,
chromium, and molybdenum, distribute at the grain boundaries. Because W, Cr, and Mo are more
inclined to dissolve in the γ matrix when intermetallic γ′ phase is formed, these elements would
be expelled and gather at the γ/γ′ interfaces. As a result, B would interact with W, Cr, and Mo and
form M5B3 borides. Their formation at grain boundaries would pin these boundaries and impede
grain-boundary sliding mechanism at high-temperatures. Xiao suggested that any strong interaction
between B atoms and dislocation cores could hinder dislocation motion and thus increase resistance to
fatigue failure [55].

4. Conclusions

• The FCC γ matrix is strengthened mainly by coherent precipitates characterised by ordered L12

crystal structure. The mean misfit coefficient between matrix and precipitates is δ = +0.6%.
• Dendritic structure with significant segregation of alloying elements and microstructural

constituents is observed.
• The mean volume fraction of MC carbides is around 0.8% (LM), while γ′ precipitates in dendritic

regions around 54.99% (SEM-BSE).
• In dendritic regions the γ′ precipitates have a complex morphology with two classes of shape

factor for which the mean ξ values are 0.39 and 0.76. Too high diversity in size and morphology
of precipitates in interdendritic spaces did not allow their effective comparison.

• The MC carbides are preferentially precipitated in the interdendritic areas. The “M” position is
occupied mainly by Ta, Hf, Ti, and W, while the mutual concentration relationships depend on
the morphology.

• The MC carbide degradation occurred during ageing according to the phase transformation
reaction: MC + γ→M23C6 + γ′. The M23C6 carbides are revealed at the MC edges as nano-layers
with width 5-15 nm.

• The M5B3 borides characterised by body-centered tetragonal I4/mcm crystal structure have
polygon and rhombus forms in thin foils. They are preferentially formed at the interfaces of
secondary γ′ with matrix as nano-precipitates, both in the dendritic and interdendritic regions,
and also on the grain boundaries. The STEM-EDX analysis revealed that they are enriched mainly
in W, Cr, and Mo.
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Abstract: In this article, the range of works connected with the repair of a historical Maryan bell from
1639 are presented. The first attempts to repair damaged bells occurred in the 1930s in Poland. How-
ever, this process was stopped because of extensive technological difficulties. Welding and soldering-
welding were the basic methods. There is one difference between these two methods—connecting
surfaces are melted during the welding process but only heated until the melting temperature of the
material added to the connection (that is the solder) during the soldering-welding process. It was
important to heat the bell to the proper temperature during welding. Uneven heating causes the
enlargement of existing cracks or the appearance of new ones, or even the complete destruction of the
bell. Nowadays, a method of even heating using a special heating mat has been devised. Thanks to
this method it is possible to control the heating and cooling process. The most important task during
the whole operation of bell welding was obtaining the original sound. During this research, the
chemical composition was examined to prepare a welding rod with a suitable chemical composition.
After the repair process, an analysis of the sound of the bell was conducted. It was shown that the
repair of bells is possible when correct thermal parameters are used. The most highly recommended
technique for repairing bells is gas welding.

Keywords: high-tin bronzes; microstructure; welding of bell; bell’s sound

1. Introduction

There are a lot of churches with very old, historical bells in Poland, as it has historically
been a Catholic country. Unfortunately, their strength is decreasing and cracks and scratches
are have appeared. These defects make them useless, because not only does the sound
become worse, but reacting to the damage too late can cause the complete destruction of
the bell as well.

The lifetime of the bell was determined to be 200–300 years [1] on the basis of data in
the literature. After that time the probability of the bell cracking is increased. Of course,
it depends on many factors, such as the frequency of bell work and the bell’s rotation on
its suspension. Unless the bell is rotated, the clapper hits the same place and it may cause
cracks. It is important to control the thickness of that place. If the thickness falls more than
10%, it is necessary to rotate the bell to allow it to hit another place. Constant hits on the
same place also causes changes to the inner structure of the material. It becomes harder
and loses strength properties. Concurrently, inner stresses increase. When stresses exceed
the material strength limit, the bell will be damaged, and cracks and scratches will appear.
It is hard to notice such a crack on a bell placed high in a tower, but it is possible to hear
the change in the sound, which is usually much worse than the original sound.

The repair of the bell is possible up to its complete destruction. Repairing the bell is
an expensive and time-consuming process. However, attempts to repair these bells are not
rare, because the bell is a precious item not only thanks to its material value but also its
historical and artistic value as well. Despite the avoidance of the repair of cracked bells in
Poland for a long time, this problem has been considered in many other countries [2,3].

239



Materials 2021, 14, 2504

It is necessary to examine the chemical composition of the alloy used to produce the
bell to repair the crack. The oldest bells are made of gunmetal, while the younger are made
of bronze. Copper at a concentration of about 80% and tin with a concentration between
19% and 21% are the main components in both alloys. Gunmetal also contains zinc, lead,
carbon, and iron. Trace amounts of silver and gold are also possible to observe in both
alloys because of the tradition to add these elements into the liquid metal to ennoble the
material [4–6].

The melting temperature of bronze is about 850–950 ◦C. The alloys with high tin
content are characterized by great strength, but concurrently low toughness—they are very
brittle (Figure 1). This, in combination with high thermal expansion and high diversity
of the microstructure component properties, has a negative influence on weldability. It
is proper to heat the whole bell at the adequate speed until it reaches the temperature of
350–450 ◦C, before welding. This allows differences in temperature between the welded
place and the rest of the bell which are too large to be avoided. What’s more, it is also
important to cool it slowly and evenly (the speed of the cooling process should be slower
than heating). This is connected with the risk of inducing residual heat as a result of
differences in the cooling rates of different parts of the structure (Figure 2a,b shows different
phases according to different cooling rates). If the bell had not been heated, only the welded
part would have shrunk and new cracks would have appeared. On the other hand, a cooling
process which is too fast may cause new stresses, with new cracks as the result.
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2. Historical Background

In Poland, the first attempts to repair damaged bells were observed in the 1930s.
Welding and soldering-welding were the base methods. There is one difference between
these two methods: connecting surfaces are melted during welding process and only heated
until the melting temperature of the material added to the connection (that is solder) during
the soldering-welding process. Additionally, a welding rod with a chemical composition
similar to indigenous metal was used during welding process, whilst sticks made of brass
alloy (known as bronzite) were used for soldering-welding.

First, it was desirable to estimate the size of the crack. A simple penetration study was
conducted with the use of chalk and kerosene. Chalk was rubbed into the inner side of the
bell and the external side was lubricated with kerosene. The greasy spot was used to show
the range of the crack. After estimating the size of the damage, the place of repair should
be properly prepared. In both cases, the method of action was similar. A groove with a
v–shape was cut along the crack and metal was poured in. In this procedure the hole at the
end of the crack must be remembered. Its task was to limit the increase of the crack during
bell heating. An acetylene torch was used as the welding tool in both methods. Uniformity
of the weld obtained was the main difference between welding and the soldering-welding
process. The weld had nearly the same chemical composition as welded material during
the welding process. The weld had different chemical composition to the repaired bell
during the soldering-welding process, which caused worse sound.

The position heated by charcoal (in the past it was often used as a fuel) was used
to heat the bell before repair. This solution was connected with uneven bell heating and
cooling. It may have caused new cracks or increased the old ones as a result.
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3. Maryan Bell Crack Repairing

The company Rduch Bells & Clocks and Foundry Department collectively made a
decision to repair a cracked Maryan bell from the 17th century at the request of urban
restorer in Krosno–Marta Rymar. The bell hangs in a church tower. It is the smallest bell of
three cast in 1639, weighing 580 kg. It is characterized by producing a “G#” sound. The bell
was cast by two bell founders, Szepan Meutel and Jerzy Olivier, for a special order from
the great philanthropist Robert Wojciech Portius. The Maryan bell is one of three treated
bells. On the tower there are also the Urban bell and the Jan bell. The bells are tuned to a
major scale. This means that they sound happy, merry, and concurrently noble. The lack of
one bell or unclear sound will cause the whole set to lose its musical value. This is why it
was so important not only to repair the crack but to do it in such a way as to avoid changes
to the sound.

The most important task during welding process was to obtain the original sound.
Fortunately, in 2013, during the change of the clapper, acoustic measurements were con-
ducted. Thanks to this it was possible to obtain the sound before and after the damage
to the bell (the damage occurred in 2017—exact date is unknown). This was the base for
further activities. The work was divided into a few steps:

1. The first step was to take a material sample to determine the averaged chemical
composition of the alloy, which was analyzed with a glow–discharge spectrometer
LECO GDS500A (LECO Corporation, St. Joseph, MI, USA, 2011) (Table 1);

2. In the next step a series of welding rods with the same chemical composition were
prepared on the basis of these results, which were used during bell welding process;

3. The next step was to determine the size and range of the crack, and penetration
research was conducted;

4. The next step was preparing the bell for the welding process by properly bevelling
the sides of the bell;

5. The next step was heating and keeping the bell at the proper temperature;
6. The next step was obtaining the required temperature to conduct welding process;
7. After welding slow cooling was conducted to avoid stresses;
8. The last step was analysis of the sound of the repaired bell.

Table 1. Chemical composition of the Maryan bell (wt. %).

Sn Pb Sb Zn Fe Ni Ag Cu

15.2 2.84 2.69 0.35 0.03 0.41 0.15 bal.

Accuracy in all of these activities allowed us to obtain the ideal sound from the repaired
bell. The samples of material obtained were examined with the use of a spectrometer to
determine averaged chemical composition (presented in Table 1). The analysis of structure
was also conducted with the use of a scanning microscope to determine the distribution and
size of solid and gaseous inclusions. (Figure 3a,b). The chemical composition in particular
places (with visible solid and gaseous inclusions) was presented in Table 2.

Metallographic microsections showed the original structure of the bell. Unfortunately,
many gaseous (Figure 3a, 6) and non–metallic inclusions were observed. A large amount
of carbon (Figure 3b, 1) can indicate residue of charcoal, which was used as fuel during
the melting process. Zinc inclusions were also observed (Figure 3a, 5).This negatively
influenced the welding process.

A series of welding rods were made after chemical composition determination and
consultations with the company conducting the welding process. Their composition was
selected to be as compatible as possible with the examined material of the bell. A set of
molds was worked out and prepared in the Foundry Department, and thanks to them
welding rods of different lengths and diameters were produced (Figure 4).
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Table 2. Chemical composition in particular examined places presented in Figure 3.

Figure 3a Figure 3b

Number
Element Atomic

Number
Element Atomic

Symbol Concentration Symbol Concentration

1

Cu 21.43

1

C 75.57
C 70.37 Zn 12.53
Sn 1.77 Cu 3.56
O 6.44 S 5.12

O 3.22

2

Cu 28.54

2

Cu 17.76
Sn 6.34 C 75.99
C 57.87 S 3.79
O 7.25 O 2.47

3

Cu 24.57

3

Pb 9.95
C 64.84 C 64.53
S 6.57 Cu 7.85
O 3.84 O 17
Sb 0.19 Sn 0.68

4
Cu 25.7
C 63.68
S 7.44

5

Zn 24.46
C 57.29
S 13.12

Cu 2.88
O 2.25
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Figure 4. Welding rods of different lengths and diameters (the length of rods was 40 cm; the diameters
were 8 mm and 6 mm).

The size and range of the crack were examined with the use of penetration testing
(Figure 5). Penetrator was used for this examination by covering the crack and film, which
helped to determine the range of the crack.
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After crack range determination, mechanical treatment of the damaged place was
conducted to remove the external oxidized surface (Figure 5). This phase was performed
in such way to obtain the best access to whole crack by the welder during the welding
process (Figure 6). It was found during mechanical treatment that the bell’s structure is
very porous, especially the external surface. This worsened the welding process. The
welding process was conducted with the use of an oxyacetylene torch. During this process
the bell edges were melted with the welding rods made earlier. Welding was conducted
with the use of the “up method”. Better efficiency of welding and very good penetration of
the whole thickness of the connected parts were obtained thanks to this method. It was
possible to perform the weld with a single torch cut due to this method.
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Figure 6. Mechanical treatment of the damaged place.

It was important to heat and keep the bell at the proper temperature during the
welding process. This temperature was obtained by using heating mats and aluminosilicate
fiber isolation. The whole process of heating was under the control of and recorded by
a computer program (Figure 7);the heating rate was ~10 ◦C/h. The time of cooling after
performing the weld was longer than the heating time, and the cooling rate was ~7 ◦C/h.
Thus slow cooling was conducted to avoid stresses, which could have caused the bell to
crack again.
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Figure 7. Welding process (a) the bell protected by fibro isolation; red circle–the place of welding
(b) close–up of the place of welding. A—acetylene torch, B—bronze rod.

After the cooling process, the place of welding was ground (Figure 8) and the sound
of bell was examined.
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4. Sound Analysis of the Bell

In 2013, before the crack, the bell’s sound was analyzed. After welding and the
thermal stabilization process, this analysis was repeated. The sound of the bell, a G#4
note, did not worsen or even improve as a result of the negligible reduction of the main
aliquots frequency.

The target frequencies for the first partials are in the ratios 0.5:1.0:1.2:1.5:2.0 and these
needed to be quite closely matched. The first aliquot, called the hum, is not prominent,
and the perceived pitch is usually that of the second aliquot, called the prime, perhaps
because it is reinforced by the harmonically-related aliquots with relative frequencies 2, 3,
and 4. The tone of the bell is complex, however, particularly because of the presence of the
minor-third (From Old French tierce, from Latin tertia) interval of 1.2 [10].

The lower (tone lower than the prime about the octave) and upper (tone higher
than the prime about the octave) octaves with prime, tierce and quint were found to be
beautifully harmonious after the repair. There was no distortionary vibration and the bell
sustained its note for a long time.

The frequency spectrums of the Maryan bell before and after the crack are presented
in Figure 9. The units of the amplitude in the figure are arbitrary; they are measured as
voltages from a microphone, i.e., sound pressure levels on a linear scale. The amplitude
of the spectrum is described in decibel scale. The program Wavanal [11] was used to
analyze the sound of bell examined to determine the spectrum of emitted sound waves.
This program was developed by W. A. Hibbert [12] for the sound analysis of bells to
determine the influence of side tones on the height of the perceived strike tone (pitch tone).
The possibility of fast and precise determination of their frequency was crucial, and the
Wavanal program enabled it. This program allows a Fourier transform of sound waves
directly recorded by a microphone joined to a computer or saved in a sound file recorded
with other devices to be performed (Figure 10a,b). This program has received recognition
among many bell makers as a great device for the evaluation of a bell’s sound and the
process of tuning it up.

Determined by the Wavanal program, values of frequency of basic side tones (aliquots):
the lower octave (hum), prime (fundamental), minor tierce, quint, and upper octave
(nominal) of the bells examined are presented in Table 3 and as a diagram in Figure 11.
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Table 3. Main partials of the St. Maryan bell’s sound frequencies before and after welding in
comparison to harmonic tones for the musical note G#4.

Partials Tone BW (Hz) AW (Hz) G#4 (Hz) (ET)

Hum 212.5 208.5 207.6

Prime 422 413 415.3

Tierce 512 502.5 493.8

Quint 635 619 622.3

Nominal 853.5 836 830.6
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3. The most highly recommended technique for repairing bells is gas welding, due to 
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Author Contributions: Conceptualization, methodology, software, formal analysis, writing—re-
view and editing, D.B.; conceptualization, methodology, investigation, writing—original draft prep-
aration, C.B. Both authors have read and agreed to the published version of the manuscript. 

Funding: This research received no external funding 

Institutional Review Board Statement: Not applicable. 

Informed Consent Statement: Not applicable. 

Data Availability Statement: The data presented in this study are available in article. 

Acknowledgments: The authors would like to acknowledge to Rduch Bells and Clocks and Jan 
Felczynski’s Bell Foundry for materials and technical support. 

Conflicts of Interest: The authors declare no conflict of interest. 

References 
1 Szupp, B. Repair of church bells by welding. Weld. Cut. Metals 1936, 12, 198–205. 
2 Ernesto Ponce, L. Restoration of ancient bronze bells. Part II: welding. Ingeniare Rev. Chil. Ing. 2015, 23, 30–37. 
3 Lucien Raimbault. Process for Welding Bells. Patent No FR2703615A1. 14 October 1994, France. 
4 Strafford, K.N.; Newell, R.; Audy, K.; Audy, J. Analysis of Bell Material from the Middle Ages to the Recent Time. Endeavour 1996, 20, 

22–27. 
5 Audy, J.; Audy, K. Analysis of bell materials: Tin bronzes. China Foundry 2008, 5, 199–204. 
6 Bartocha, D.; Baron, C. The “Secret” of Traditional Technology of Casting Bells. Arch. Foundry Eng. 2015, 15, 5–10. 
7 Kurski, K. Cooper and Its Technical Alloys; Wydawnictwo Śląsk: Katowice, Poland, 1967. 
8 Górny, Z.; Sobczak, J.J. Modern Casting Materials Based on Non-Ferrous Metals; ZA-PIS: Kraków, Poland, 2005. 
9 Górny, Z. Foundry Non-Ferrous Metal Alloys; WNT: Warszawa, Poland, 1992. 
10 Fletcher, N.H. The nonlinear physics of musical instruments. Rep. Prog. Phys. 1999, 62, 723–764. 
11 Available online: http://www.hibberts.co.uk (accessed on 5 October 2020). 
12 Hibbert, W.A. The Quantification of Strike Pitch and Pitch Shifts in Church Bells. Ph.D Thesis, The Open University Milton 

Keynes, Milton Keynes, UK, 2008, in press. 

Figure 11. The main partials of the St. Maryan bell’s sound frequencies, before (BW), after (AW)
welding and for musical note G#4 according to the equal temperament scale (ET).

5. Conclusions

Based on the experience gained during the work and research carried out on the
Maryan bell, the following conclusions can be drawn:

1. If the welding process is carried out with the correct parameters, especially with
thermal ones, and with monitoring and control of the heating and cooling rates, the
repair even of contaminated high tin bronze bells is possible;

2. After repair by welding, the bell has a “better” sound, and this is probably due to
a kind of heat treatment performed, including a cycle of slow heating and cooling
which improves the properties of the material; and

3. The most highly recommended technique for repairing bells is gas welding, due to
the relatively low temperature in the bonding area and the efficiency of the process.
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8. Górny, Z.; Sobczak, J.J. Modern Casting Materials Based on Non-Ferrous Metals; ZA-PIS: Kraków, Poland, 2005.
9. Górny, Z. Foundry Non-Ferrous Metal Alloys; WNT: Warszawa, Poland, 1992.
10. Fletcher, N.H. The nonlinear physics of musical instruments. Rep. Prog. Phys. 1999, 62, 723–764. [CrossRef]
11. Available online: http://www.hibberts.co.uk (accessed on 5 October 2020).
12. Hibbert, W.A. The Quantification of Strike Pitch and Pitch Shifts in Church Bells. Ph.D Thesis, The Open University Milton

Keynes, Milton Keynes, UK, 2008, in press.

248



MDPI
St. Alban-Anlage 66

4052 Basel
Switzerland

Tel. +41 61 683 77 34
Fax +41 61 302 89 18

www.mdpi.com

Materials Editorial Office
E-mail: materials@mdpi.com

www.mdpi.com/journal/materials





MDPI  
St. Alban-Anlage 66 
4052 Basel 
Switzerland

Tel: +41 61 683 77 34 
Fax: +41 61 302 89 18

www.mdpi.com ISBN 978-3-0365-4393-2 


	Cover-front.pdf
	Book.pdf
	Cover-back.pdf

