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Preface to “Shape Memory Alloys 2017” 
This Special Issue "Shape Memory Alloys 2017" is constructed articles reporting new and 

progressive research results, as well as reviews of particular classes of fundamental physics of the 
materials and their applications of shape memory alloys (SMAs). Through its 17 efficient articles, the 
reader will approach to researches related to SMAs with their peculiar magnetic, thermo-mechanical 
properties, superelasticity, plastic deformation and compression under pressure.  These physical 
properties introduce a large number of applications as faster SMA actuators, application of medical 
devices, industrial joining parts,volts and magnetic/mechanical/thermal sensors. These articles are 
intended scientific researchers, professional engineers, students to obtain a better understanding in this 
field lately. 

Takuo Sakon 
Special Issue Editor 
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Editorial

Novel Research for Development of Shape
Memory Alloys

Takuo Sakon
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Otsu, Shiga 520-2194, Japan; sakon@rins.ryukoku.ac.jp

Received: 7 February 2018; Accepted: 9 February 2018; Published: 11 February 2018

1. Introduction and Scope

Shape memory alloys have attracted much attention due to their attractive properties for
applications as well as their basic aspects of deformation and transformation in structural and magnetic
behavior. In 1951, the Au–Cd alloy was discovered [1]. After that, numberless shape memory alloys
have been developed. A lot of applications of shape memory alloys were realized after the Ti–Ni alloy
was found in 1963 and developed extensively in 1980s [2]. Recently, ferromagnetic shape memory
alloys (FSMA) have been studied as candidates for highly functional materials [3]. Among FSMA,
Ni2MnGa is the most renowned [4]. The magnetostriction, or magnetic field induced strain (MFIS) is
most featured phenomena. Few % MFIS were found for some Ni2MnGa type single crystals. MFISs of
6.0% have been produced at room temperature in single crystals of Ni49.8Mn28.5Ga21.7 (TM = 318 K) by
application of fields of order 400 kA/m (=0.50 T) under an opposing stress of order 1 MPa [5]. Fe–Pd
and Fe–Pt alloys are also famous FSMA for MFIS. The strain is the result of field-induced twin boundary
motion under an atmospheric pressure. A disordered Fe-31.2%Pd (at %) alloy (A1-type cubic) [6,7],
and an ordered Fe3Pt (L12-type cubic) ferromagnetic alloy [8,9], have attracted much interest due to
the large MFISs. The alloys which was doped other elements are also studied. The magnetostriction
studies on the premartensite phase of related Cr-substituted Ni2Mn1−xCrxGa alloys were studied
and robust 120 ppm magnetostriction was observed [10]. New alloys in the Ni–Mn–In, Ni–Mn–Sn,
and Ni–Mn–Sb Heusler alloy systems that are expected to be ferromagnetic shape memory alloys
have been studied [11]. A re-entrant magnetism was observed in some alloys [12,13]. These alloys
are promising as a metamagnetic shape memory alloys with a magnetic field-induced shape memory
effect and as magnetocaloric effect [14]. Consequently, these materials are finding use or are candidates
as materials for sensors, actuators, magnetic refrigerator, etc. [15].

The dynamical functionality of the nickel–titanium (NiTi)-based alloy comes into the limelight.
NiTi is an attractive alloy due to its unique functional properties, for example, shape memory effect
(SMA), elastic deformation, super-elasticity, low stiffness, and damping characteristics [16,17]. In this
special issue, physical properties are also shown for industrial objects, as joining between the different
kind of metals, SMA bolts, and tubes. In our department in Ryukoku Univertsity, we are focused on
robotics and applications (mechanical actuators). Therefore, our colleagues shed light on dynamic
applications for SMAs.

2. Contributions

Xu et al. prepared Cu71.5Al17.5Mn11 shape memory alloy by directional solidification by means
of unique homemade equipment [18]. A large maximum recoverable strain of more than 11%
was maintained due to the retained beneficial grain characteristics. Good superelastic behavior
was observed.

Hu et al. investigated microstructural evolution of NiTi shape memory alloy (SMA) on the basis
of heat treatment and severe plastic deformation (SPD) [19]. Consequently, SPD and subsequent aging

Metals 2018, 8, 125 1 www.mdpi.com/journal/metals
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contribute to enhancing the transformation temperature of martensite. The relation between softening
of elastic constants and martensitic transformation has attracted considerable attention for many years
and has been discussed [20].

Fukuda et al. investigated the relation between the softening of elastic constants and martensitic
transformation in Fe3Pt [21]. The softening in shear elastic coefficient C′ = (C11−C12)/2 is probably
most strongly related to the formation of the face-centered-tetragonal with c/a < 1 (FCT1) martensite.
This result implies that softening is most strongly related to the formation of the martensite.

Zhang et al. studied about physical mechanism for dynamic recrystallization of NiTi shape
memory alloy subjected to local canning compression at various temperatures, 600, 700, and
800 ◦C [22]. In the case of 600 and 700 ◦C, continuous dynamic recrystallization and discontinuous
dynamic recrystallization coexist in NiTi shape memory alloy. In the case of discontinuous dynamic
recrystallization, the recrystallized grains are found to be nucleated at grain boundaries and even in
grain interiors.

Jiang et al. studied about NiTi shape memory alloy (SMA) tube, which was coupled with mild
steel cylinder in order to investigate deformation mechanisms of NiTi SMA tubes undergoing radial
loading [23]. Microstructure was characterized by transmission electron microscope. When NiTi SMA
tube is subjected to radial loading, strain induced martensite transformation is of great significance
in the superelasticity of NiTi SMA, and reorientation and detwinning of twinned martensite lays a
profound foundation for the shape memory effect of NiTi SMA.

Shiue et al. studied the infrared dissimilar joining Ti50Ni50 and 316L stainless steel using Cu
foil in between Cusil-ABA and BAg-8 filler metals [24]. This study indicates great potential for
industrial applications.

Jiang et al. studied the deformation behavior and microstructure evolution of NiTiCu SMA,
which possesses martensite phase at room temperature based on a uniaxial compression test at the
temperatures of 700~1000 ◦C [25]. Dislocations become the dominant substructures of martensite phase
in NiTiCu SMA compressed at 700 ◦C. Martensite twins are dominant in NiTiCu SMA compressed at
800 and 900 ◦C. The microstructures resulting from dynamic recovery or dynamic recrystallization
significantly influence the substructures in the martensite phase of NiTiCu SMA at room temperature.

Liang et al. studied NiTiFeNb and NiTiFeTa SMAs [26]. The microstructure, mechanical property,
and phase transformation of NiTiFeNb and NiTiFeTa SMAs were investigated. As compared to
NiTiFe SMA, quaternary NiTiFeNb and NiTiFeTa SMAs possess the higher strength, since solution
strengthening plays a considerable role.

The processing map of Ni47Ti44Nb9 (at %) shape memory alloy (SMA), which possesses B2
austenite phases and Nb phases at room temperature, is established by Wang et al. in order to optimize
the hot working parameters [27].

Hu et al. investigated the texture evolution of NiTi shape memory alloy during uniaxial
compression deformation at 673 K by combining crystal plasticity finite element method with electron
back-scattered diffraction experiment and transmission electron microscope experiment [28]. Using the
fitted material parameters, a crystal plasticity finite element method is used to predict texture evolution
of NiTi shape memory alloy during uniaxial compression deformation. The simulation results agree
well with the experimental ones. With the progression of plastic deformation, a crystallographic plane
of NiTi shape memory alloy gradually rotates to be vertical to the loading direction, which lays the
foundation for forming the <111> fiber texture.

Mitsui et al. observed field-induced reverse transformation in Co-doped Ni–Mn–In film by means
of high field X-ray diffraction experiments under magnetic fields up to 5 T and temperature ranging
from 293 to 473 K [29]. The reverse martensitic transformation induced by magnetic fields was directly
observed in situ HF-XRD techniques.

Superelastic SMA bolts, which have a recentering capability upon unloading, are fabricated by
Seo et al. as to solve drawbacks, and utilized by replacing conventional steel bolts in the partially
restrained bolted T-stub connection [30].
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Wu et al. investigated damping characteristics of inherent and intrinsic internal friction of Cu–Zn–Al
Shape Memory Alloys [31]. The Cu-xZn-11Al SMAs are promising for practical high-damping
applications under isothermal conditions because they possess good workability, low cost, acceptable
mechanical properties, and the high damping capacities.

Adachi et al. made the phase diagram of Ni2MnGa1–xFex on the basis of the experimental
results [32]. The magnetostructural transitions were observed at the Fe concentrations x = 0.275,
0.30, and 0.35. The obtained phase diagram was very similar to that for Ni2Mn1−xCuxGa by
Kataoka et al. [33]. The theoretical analysis of the phase diagram for Ni2Mn1−xCuxGa showed that the
biquadratic coupling term of the martensitic distortion and magnetization plays an important role in
the interplay between the martensitic phase and ferromagnetic phase. Further theoretical investigation
of the phase diagram for Ni2MnGa1–xFex is needed.

Umetsu et al. performed the specific heat measurements at low temperatures for Ni50Mn50−xInx

alloys to determine their Debye temperatures θD and electronic specific heat coefficients γ, and
investigated the change in the density of states during the martensitic phase transformation [34]. The γ

was slightly larger in the parent phase, in good agreement with the reported density of states around
the Fermi energy obtained by the first-principle calculations. The martensite (M) phase (x ≤ 15), θD

decreases linearly and γ increases with increasing Indium content.
Anelastic properties of Ti–Ni-based alloys are widely explored, both for microstructural

characterization of the alloys and for their application as high-damping materials [35]. Sapozhnikov et al.
investigated the linear and non-linear internal friction, effective Young’s modulus, and amplitude-
dependent modulus defect of a Ti50Ni46.1Fe3.9 alloy after different heat treatments, affecting hydrogen
content [36]. They found that the internal friction maximum is associated with a competition of two
different temperature-dependent processes affecting the hydrogen concentration in the core regions of
twin boundaries.

Carl et al. investigated the SMA with high martensitic transformation temperature [37]. Small changes
in at % Ni have a dramatic effect on the transformation temperatures of the NiTi-20 at % Zr system,
even more so than in binary NiTi. The transformation temperature can be tuned for a given application
through aging treatments. Ni–Ti-based shape memory alloys (SMAs) have now become an important
technological material for a wide array of applications not only for specifically medical devices [38]
but actuators above room temperature [39].

As introduced here, many fundamental research results are shown in 17 articles. There are
many SMA materials in which there is possibility of the application for mechanical and/or magnetic
actuators, springs, bolts, magnetic refrigeration, sensors, etc.

I hope the results of the research in this special issue contribute to further development of SMAs.

Conflicts of Interest: The author declares no conflict of interest.
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Abstract: The columnar-grained Cu71.5Al17.5Mn11 shape memory alloy was treated by single-pass
hot rolling at 900 ◦C with a thickness reduction of 67.3% followed by immediate water quenching.
Dynamic recovery other than discontinuous dynamic recrystallization occurred during the treatment
process, bringing about retained columnar grains with <001> textures, as well as dislocations
introduced into the parent matrix. As a result, a large maximum recoverable strain of more than
11% was maintained due to the retained beneficial grain characteristics. The critical stress for
inducing martensitic transformation and stress hysteresis were enhanced mainly due to the existence
of dislocations.

Keywords: shape memory alloy; Cu–Al–Mn; columnar grain; hot deformation; dynamic recovery;
martensitic transformation; superelasticity

1. Introduction

Shape memory alloys (SMAs) undergo reversible martensitic phase transformation in response
to changes in temperature or applied stress, and hence have unique properties known as the shape
memory effect and superelasticity [1,2]. Despite the availability of a commercial Ni–Ti alloy, Cu-based
SMAs are the most attractive for practical applications owing to their low cost and good shape memory
properties, as well as advantages with regard to electrical and thermal conductivities [1,3].

The shape memory properties of Cu-based SMAs are significantly influenced by their
microstructure. Specifically, large grain size and <001> textures are preferred for enhanced
superelasticity [4,5]. Recently, directional solidification has been demonstrated to be an effective
way for the fabrication of high-performance Cu-based SMAs due to the formation of columnar grains
with <001> textures [6–8]. Directionally solidified Cu-based SMAs can be used directly. Sometimes,
however, the solidified Cu-based SMAs must undergo plastic processing for different product shapes
required for various applications. In this case, two problems are encountered. First, Cu-based SMAs
such as Cu–Al–Ni and Cu–Zn–Al are generally too brittle to be sufficiently cold-worked due to the high
degree of order in the parent phase and the high elastic anisotropy [1]; thus currently, they can only be
used in a solidified state. Second, Cu–Al–Mn SMAs is more ductile than Cu–Al–Ni and Cu–Zn–Al due
to a lower degree of order in the parent phase. Therefore, conventional thermomechanical treatment,
i.e., cold working and annealing, can be applied to Cu–Al–Mn for plastic processing [3,4,9]. However,
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the finally obtained {112} <110> recrystallization texture is not the most favorable texture for obtaining
ideal superelastic behavior [4,9]. In a word, it is still difficult to plastically process the solidified
Cu-based SMAs without the loss of good superelastic behavior.

When a solidified alloy is subjected to hot deformation, dynamic recovery and discontinuous
dynamic recrystallization are involved, the former one usually occurring prior to the latter
one [10]. However, it has been found that the dynamic recovery other than discontinuous dynamic
recrystallization is preferred to occur for columnar-grained Cu-based alloys during hot deformation,
especially when the deformation is perpendicular to the solidification direction (SD) [11,12]. Therefore,
in this study, we conducted hot deformation for plastic processing of a columnar-grained Cu–Al–Mn
SMA, expecting good superelastic behavior by retention of the beneficial grain characteristics via
dynamic recovery.

2. Materials and Methods

A Cu71.5Al17.5Mn11 alloy ingot with a columnar-grained microstructure was prepared by
directional solidification using homemade equipment. The fabrication process is schematically shown
in Figure 1a, and the details can be found in a previous study [7]. The volume of the fabricated ingot
was around 150 mm × 80 mm × 40 mm. Dog-bone shaped tensile samples with a gauge size of
20 mm × 4 mm × 1 mm were cut out using wire electro-discharge machining with their longitudinal
direction paralleling to SD. These samples were solution-treated (ST) at 800 ◦C for 5 min followed
by quenching in water to obtain a single β1 phase (L21 structure) [3], hereafter notated as the as-ST
samples. Plates with a size of 50 mm × 15 mm × 5.5 mm were also cut out from the ingot for hot
rolling with their longitudinal direction paralleling to SD. These plates were first heated to 900 ◦C with
a holding time of 5 min and subsequently hot-rolled with a twin roller by single pass followed by
immediate quenching in water. The diameter of the roller was 200 mm and the rolling speed was set
to be 2.0 m/min. The final thickness of the plates after rolling was 1.8 mm with a reduction ratio of
67.3%. The above thermomechanical process, hereafter notated as SHRQ treatment, is illustrated in
Figure 1b. Dog-bone shaped tensile samples with a gauge area of 20 mm × 4 mm were then cut out
from the hot-rolled plates with their longitudinal direction parallel the rolling direction (RD), hereafter
notated as the SHRQ-treated samples.

(a) (b)

Figure 1. (a) Schematic illustration of the directional solidification process. (b) Overview of the
single-pass hot rolling followed by immediate water quenching (SHRQ) treatment process.

The superelastic response was examined by a cyclic loading–unloading tensile test with increasing
applied strain at room temperature with a strain rate of 4.2 × 10−4 s−1. A non-contact video
extensometer was used to measure the strain. The crystallographic orientations of the as-ST and
SHRQ-treated samples were examined by electron backscattered diffraction (EBSD) employing a
field-emission scanning electron microscope (SEM) operated at 20 kV. EBSD samples were finally
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polished using a colloidal silica suspension with particle size of 0.04 μm. The martensitic transformation
temperatures were determined by the differential scanning calorimetry (DSC) with a heating/cooling
rate of 10 ◦C/min. The crystal structure was analyzed by X-ray diffraction (XRD) method employing
Cu Kα radiation at 40 kV with a 2θ angle ranging from 20◦ to 80◦. The microstructure was also
observed by using transmission electron microscopy (TEM) operated at 200 kV at room temperature,
and the TEM samples were prepared by twin jetting with an electrolyte consisting of 250 mL of H3PO4,
50 mL of HCl, 250 mL of C2H5OH, 500 mL of distilled water, and 5 g of carbamide.

3. Results and Discussion

Figure 2a,b show the cyclic tensile loading–unloading curves of the as-ST and SHRQ-treated
samples at room temperature, respectively. For the as-ST sample, the maximum recoverable strain
reaches more than 14%, the critical stress σc is 135 MPa, stress hysteresis between forward and reverse
transformation is 73 MPa at an applied strain of 13%, where the stress hysteresis is defined as the stress
difference between the first loading and unloading curves at half of the applied strain.

(a) (b)

(c) (d)

Figure 2. Cyclic tensile stress–strain curves obtained in the (a) as-solution-treated (as-ST) sample and
(b) SHRQ-treated sample at room temperature. (c) Recoverable strain as a function of applied tensile
strain. (d) Mechanical energy dissipated by one superelastic cycle as a function of applied tensile strain
for both samples.

For the SHRQ-treated sample, its maximum recoverable strain is maintained at higher than 11%,
while the critical stress σc is 368 MPa and the stress hysteresis is 254 MPa at an applied strain of 13%,
which are 2.7 and 3.5 times as high as those of the as-ST sample, respectively. There is also an
increase in apparent Young’s modulus after SHRQ treatment. Summarized from Figure 2a,b, the
recoverable strain of both samples is plotted against the applied strain in Figure 2c, where the dashed
line represents perfect shape recovery. For an applied strain up to 11%, both samples display almost
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perfect shape recovery. With a further increase in applied strain, the recovery strain decreases earlier
in the SHRQ-treated sample than that of the as-ST sample. Nevertheless, the SHRQ-treated sample
still exhibits much better shape recovery properties than that of the ones treated by conventional
thermomechanical treatment, in which the maximum recoverable stain is less than 7% [9].

Based on the above results, we can infer that, by using SHRQ treatment, a deformation reduction of
67.3% can be achieved. Meanwhile, the large recoverable strain remained. Moreover, the critical stress
σc and the stress hysteresis were enhanced, which is potentially important for practical applications of
the Cu–Al–Mn SMAs. For example, when SMAs are used as damping vibration components, high
critical stress σc and stress hysteresis, together with a large recoverable strain, are usually required for
a strong damping capacity ΔW, which can be characterized by the enclosed area of the superelastic
curves [13,14], as illustrated in the inset of Figure 2d. We made a comparison of damping capacity ΔW
in one superelastic cycle at every strain level between the as-ST and SHRQ-treated samples, as shown
in Figure 2d. With the increase in applied strain, the ΔW of both samples increases gradually; when the
applied strain is 11%, the ΔW of SHRQ-treated sample reaches 22.6 MJ/m3, which is 3.5 times higher
than 6.4 MJ/m3 in the as-ST sample; when the applied strain is up to 13%, the ΔW of the SHRQ-treated
sample reaches 33.3 MJ/m3, which is 2.9 times higher than the ΔW of the as-ST sample.

As described previously, the superelastic strain of the Cu–Al–Mn SMAs has a strong dependence
on microstructure [4,5]. The strong <001> texture and straight grain morphology are the key
factors making columnar-grained Cu–Al–Mn alloy show a high recoverable strain [6]. Figure 3a,
Figure 4a show the EBSD map and corresponding inverse pole figure of the as-ST sample. It shows a
strong <001> texture and straight grain boundaries along the SD, which are typical characteristics of
columnar-grained microstructure, and the grain orientations perpendicular to the SD are distributed
randomly between <001> and <101> [6]. After SHRQ treatment, even though there was a little loss of
orientation uniformity within each separated grain, the <001> texture along the RD was retained, and
no recrystallized grain was observed, with the grains in a columnar morphology, as shown in Figure 3b,
Figure 4b. The theoretically calculated maximum superelastic strain caused by reversible β1/6 M
martensitic transformation with stressing along different grain orientations is drawn as contour lines
in the inverse pole figure in Figure 3c, Figure 4b [9]. It can be seen that the corresponding theoretical
superelastic strain is basically larger than 9% in the SHRQ-treated sample. Therefore, the maintaining
of a high recoverable strain in the SHRQ-treated sample is ascribed to the retained <001> texture and
columnar grain morphology.

(a) (b)

Figure 3. Quasi-colored orientation mapping of the (a) as-ST sample and the (b) SHRQ-treated sample,
where the blue line represents a high-angle grain boundary and the green line represents a low-angle
grain boundary lower than 15◦.
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(a) (b)

Figure 4. Inverse pole figures with theoretical superelastic strain contour lines of the (a) as-ST sample
and (b) SHRQ-treated sample [9].

It should also be noted that the texture shows a small orientation deviation away from <001>
after SHRQ treatment, which probably causes the increase in apparent Young’s modulus because the
elastic anisotropy is very high in Cu-based SMAs and the Young’s modulus along <001> is usually the
minimum one [1]. Moreover, the lower intensity of texture after SHRQ treatment should make grain
constraint from neighboring grains increase, which may result in an additional increase of Young’s
modulus. It is also known that the Cu–Al–Mn SMAs display the lowest Tailor factor for the <001>
orientation [4]. Therefore, the deviation and weakening of texture for the SHRQ-treated sample should
also yield an increase in critical stress σc as well as stress hysteresis due to the grain constraint effect [4].
However, even compared with an equiaxed polycrystalline counterpart [9], the critical stress σc and
stress hysteresis are much higher in the SHRQ-treated sample, which should be caused by other factors.

To further clarify the reasons for the enhanced critical stress σc and stress hysteresis, we observed
the microstructure of the SHRQ-treated sample by TEM, with Figure 5a showing the TEM bright-field
image and corresponding selected area electron diffraction pattern (SAEDP), respectively. It was found
that many dislocation distribute in the alloy matrix. The corresponding SAEDP demonstrates that
the matrix is the parent phase with a L21 crystallographic structure. Moreover, no martensite was
observed, which is also verified by the XRD pattern, as shown in Figure 5b. It can be inferred then that
SHRQ treatment did not introduce residual stress-induced martensite but dislocations into the parent
phase. These pre-existing dislocations may have played a key role for the enhanced critical stress σc

and stress hysteresis in the SHRQ-treated sample, as discussed later.
The thermoelastic martensite in Cu-based SMAs is induced by lowering the temperature or

applying stress. The relationship of these two factors for inducing martensitic transformation can be
explained by the Clausius–Clapeyron equation [15]:

dσc

dT
= − ΔS

ε·Vm
′ (1)

where ΔS is the molar entropy change between the parent phase and martensite, ε is the
transformation strain, and Vm is the molar volume. In a thermo-induced martensitic transformation,
the lower martensitic transformation starting temperature Ms indicates a more stable parent phase,
which corresponds to a higher critical stress σc in the stress-induced martensitic transformation.
It is well known that, for a given chemical composition, the depression of thermo-induced
martensitic transformation can be induced by imperfections (dislocations, second-phase particles,
precipitates, etc.) [16]. We conducted DSC measurement to determine the martensitic transformation
temperatures of both samples, as shown in Figure 5c. The martensitic transformation starting
and finishing points Ms, Mf, and the reverse transformation starting and finishing points As,
and Af for the as-ST sample are −55.9 ◦C, −67.6 ◦C, −51.6 ◦C, and −39.6 ◦C, respectively.

10

Bo
ok
s

M
DP
I



Metals 2017, 7, 141

Using dσc/dT = 1.85 MPa/◦C for a columnar-grained Cu–Al–Mn SMA [17], the critical stress σc

at room temperature is calculated to be around 140 MPa for the as-ST sample, which is consistent
with the experimental value of 135 MPa. However, no martensitic transformation is observed for the
SHRQ-treated sample, even cooled down to 80 ◦C, indicating that the parent phase was stabilized due
to the existence of dislocations strongly hindering the nucleation of martensite, and therefore the Ms

was greatly depressed. In addition, it is also known that a lower degree of order in the parent phase
results in a decrease in Ms in the Cu–Al–Mn SMA [18]. By comparing the ratio of the intensities (I)
between (200) and (400) peaks for both samples using the XRD patterns in Figure 5b, i.e., I(200)/I(400), a
lower degree of order for the SHRQ-treated sample can be verified due to a lower value of I(200)/I(400),
which may also give a decrease in Ms and subsequent increase in critical stress σc at room temperature.

(a) (b)

(c)

Figure 5. (a) TEM bright-field image of the SHRQ-treated sample showing dislocations distributed in
the matrix, the inset shows the selected area electron diffraction pattern of the matrix. (b) XRD patterns
and (c) DSC curves of the as-ST sample and SHRQ-treated sample.

For SMAs, the stress hysteresis is generally affected by friction against migration of
parent/martensite interfaces and dislocation generation. [19,20]. The intrinsic interface friction is
usually dominated by the lattice incompatibility between transforming phases, which is mainly related
to the chemical composition. In our case, the SHRQ treatment did not change the chemical composition
of the alloy, so the increase in stress hysteresis in the SHRQ-treated sample should be attributed to
the dislocations introduced into the parent phase accordingly. The pre-existing dislocations in the
parent phase have already been demonstrated to improve stress hysteresis by hindering the growth of
martensite by impeding the motion of parent phase/martensite interfaces [21]. Therefore, it is apparent
that the dislocations introduced into the non-martensite parent phase by SHRQ treatment significantly
enhanced the stress hysteresis.
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4. Conclusions

In conclusion, with single-pass hot rolling followed by immediate water quenching treatment,
a plastic reduction of 67.3% was achieved in the columnar-grained Cu71.5Al17.5Mn11 shape memory
alloy. Meanwhile, a large maximum recoverable strain of more than 11%, as well as enhanced critical
stress σc and stress hysteresis were obtained. The retained columnar grains with <001> textures due
to dynamic recovery during treatment were believed to be the reasons for the maintenance of a high
recoverable strain. The dislocations introduced into the parent matrix served mainly for enhancing
the critical stress σc and stress hysteresis. This study should be useful in further improvement in the
plastically processing the solidified brittle Cu-based shape memory alloys while maintaining good
superelastic behavior at the same time.
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Abstract: Microstructural evolution of NiTi shape memory alloy (SMA) with a nominal composition
of Ni50.9Ti49.1 (at %) is investigated on the basis of heat treatment and severe plastic deformation
(SPD). As for as-rolled NiTi SMA samples subjected to aging, plenty of R phases appear in the
austenite matrix. In terms of as-rolled NiTi SMA samples undergoing solution treatment and aging,
Ni4Ti3 precipitates arise in the austenite matrix. In the case of as-rolled NiTi SMA samples subjected
to SPD and aging, martensitic twins are observed in the matrix of NiTi SMA. With respect to as-rolled
NiTi SMA samples subjected to solution treatment, SPD, and aging, neither R phases nor Ni4Ti3
precipitates are observed in the matrix of NiTi SMA. The dislocation networks play an important
role in the formation of the R phase. SPD leads to amorphization of NiTi SMA, and in the case
of annealing, amorphous NiTi SMA samples are subjected to crystallization. This contributes to
suppressing the occurrence of R phase and Ni4Ti3 precipitate in NiTi SMA.

Keywords: shape memory alloy; NiTi alloy; severe plastic deformation; microstructure

1. Introduction

NiTi shape memory alloys (SMAs) have been widely used in aviation, medical, dental,
and automotive fields because of their excellent abrasion resistance, good functional properties,
and high mechanical properties [1,2]. Furthermore, plastic deformation and heat treatment have
a significant influence on the microstructures of SMAs, which consequently affect their operation
performance [3–5]. In general, solution treatment leads to one-step transformation of NiTi SMAs from
austenite (B2 structure) to martensite (B19′ structure). Solution treatment along with aging results in the
precipitation of Ni4Ti3 phase, which further contributes to the occurrence of two-stage transformation,
three-stage transformation, or even four-stage transformation of NiTi SMAs [6–9]. It has been proposed
that the existence of Ni4Ti3 precipitates contribute to the emergence of the R phase, which plays a
significant role in multiple-stage transformation of SMAs. Severe plastic deformation (SPD) methods,
such as high pressure torsion (HPT) [10,11], cold drawing [12,13], cold rolling [14], surface mechanical
attrition treatment (SMAT) [15], and local canning compression [16], can lead to amorphization of NiTi
SMAs at lower temperatures. In addition, amorphous NiTi SMA induced by means of SPD is able to be
subjected to crystallization in the case of proper heat treatment, where even nanocrystalline NiTi SMA
can be produced. However, almost no literature has reported the influence of SPD and subsequent
heat treatment on the formation of Ni4Ti3 precipitates and the R phase.

Based on local canning compression, comprehensive influence of heat treatment, as well as SPD
on microstructural evolution of NiTi SMA was investigated in the present work. The influence of
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SPD and subsequent heat treatment on the formation of Ni4Ti3 precipitate and R phase, in particular,
have been emphasized.

2. Materials and Methods

A NiTi SMA bar, which possesses the nominal composition of Ni50.9Ti49.1 (at %), was manufactured
by virtue of vacuum induction melting followed by hot rolling. In order to obtain the transformation
temperatures of the NiTi SMA bar, differential scanning calorimetry (DSC) test was conducted on a
DSC-204 type equipment (Netzsch Group, Freistaat Bayern, Germany). During the DSC test, both the
heating rate and cooling rate were set as 10 ◦C/min and the temperatures ranged from −100 to 100 ◦C.
Consequently, the transformation temperatures of NiTi SMA bar are determined as: Ms = −27.2 ◦C,
Mf = −41.7 ◦C, As = −17.3 ◦C, Af = −4.1 ◦C. The as-rolled NiTi SMA bar was cut into halves, where
one half was subjected to a solution treatment at 850 ◦C for 2 h and subsequently was quenched into ice
water, and the other half was used for a contrast sample. Subsequently, the samples with the a diameter
of 4 mm and the height of 6 mm were removed from the as-rolled and solution-treated NiTi SMA
samples by virtue of electro-discharge machining (EDM) (DK7725, Jiangsu Dongqing CNC Machine
Tool Co., Ltd., Taizhou, China), respectively. Afterward, these NiTi SMA samples were inserted into
low carbon steel cans (Baosteel, Shanghai, China) which possess an inner diameter of 4 mm, outer
diameter of 10 mm, and height of 3 mm. The locally canned NiTi SMA samples were compressed
between the two anvils of the INSTRON 5500R equipment (Instron Corporation, Norwood, MA, USA)
by 75% in height at the strain rate of 0.05 s−1 and at room temperature, as shown in Figure 1. It can
be noted that the NiTi SMA samples are under a three-dimensional compressive stress state due to
the constraint of the steel cans. After the compression, the NiTi SMA samples were removed from
the steel cans, respectively. Two samples with the diameter of 4 mm and the height of 6 mm were cut
from the as-rolled NiTi SMA bar and the solution-treated NiTi SMA bar, respectively. Finally, the two
samples along with a compressed sample were aged for 2 h at 600 ◦C and then they were cooled to
room temperature in the ambient atmosphere. All the NiTi SMA samples that were subjected to heat
treatment were vacuum-sealed in quartz tubes separately.

 
Figure 1. Schematic diagram of NiTi SMA sample subjected to local canning compression.

Microstructural evolution of the NiTi SMA samples was characterized using transmission electron
microscopy (TEM). Foils used for TEM characterization were ground to 70 μm by virtue of mechanical
method and subsequently were thinned by means of twin-jet polishing in an electrolyte with the
composition of 6% HClO4, 34% C4H10O and 60% CH3OH (volume fraction). TEM observations were
implemented on a FEI TECNAI G2 F30 type microscope (FEI Corporation, Hillsboro, OR, USA),
which possesses a side-entry and double-tilt specimen stage with an angular range of ±40◦.
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3. Results

3.1. Microstructures of As-Rolled and Solution-Treated NiTi SMA Samples

The microstructures of as-rolled NiTi SMA sample are shown in Figure 2. It can be found from
Figure 2 that plenty of dislocations are distributed in the B2 austenite matrix. It can be deduced that
plenty of dislocations are induced by plastic deformation. However, in the case of solution treatment,
plenty of dislocations have disappeared in the B2 austenite matrix, as shown in Figure 3.

 

Figure 2. TEM micrographs of as-rolled NiTi SMA sample: (a) Bright field image (low magnification);
(b) Bright field image (high magnification); (c) Diffraction pattern of (b).

 

Figure 3. TEM micrographs of solution-treated NiTi SMA sample: (a) Bright field image; (b) Diffraction
pattern of (a).
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3.2. Microstructures of NiTi SMA Samples Subjected to SPD

In the case of local canning compression, the as-rolled NiTi SMA sample is subjected to SPD so that
a mixture of amorphous and nanocrystalline phases appears, where a small amount of nanocrystalline
phase is distributed in the dominant amorphous matrix, as shown in Figure 4. In the same manner,
solution-treated NiTi SMA samples exhibit a mixture of amorphous and nanocrystalline phases after
suffering from SPD as well, but the amorphization seems to be completed more thoroughly, as shown
in Figure 5.

 

Figure 4. TEM micrographs of as-rolled NiTi SMA sample subjected to SPD: (a) Dark field image;
(b) Diffraction pattern of (a).

 

Figure 5. TEM micrographs of solution-treated NiTi SMA sample subjected to SPD: (a) Dark field
image; (b) Diffraction pattern of (a).

3.3. Microstructures of As-Rolled NiTi SMA Sample Subjected to Aging

Figure 6 shows TEM micrographs of as-rolled NiTi SMA sample subjected to aging. It can be
observed from Figure 6 that R phase appears in the B2 austenite matrix of NiTi SMA. In addition,
there is a certain orientation relationship between R phase and B2 austenite. It is generally accepted
that the appearance of the R phase is attributed to the existence of Ni4Ti3 precipitate. However, it seems
that no obvious diffraction pattern with respect to Ni4Ti3 precipitate is captured in the present work.
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Figure 6. TEM micrographs of an as-rolled NiTi SMA sample subjected to aging: (a) Bright field image;
(b) Diffraction pattern of (a).

3.4. Microstructures of NiTi SMA Sample Subjected to Solution Treatment and Aging

Figure 7 shows TEM micrographs of NiTi SMA sample subjected to solution treatment and aging.
It can be found from Figure 7 that the Ni4Ti3 precipitates exhibit the inhomogeneous distribution in
the matrix of NiTi SMA sample and they are characterized by a typical lenticular shape [9]. In addition,
it can be observed from Figure 6 that the Ni4Ti3 precipitates arise in the grain interior as well as in the
grain boundary pinned by TiC phase and they are obviously coarser in the grain interior than in the
grain boundary.

 

Figure 7. TEM micrographs of a solution-treated NiTi SMA sample subjected to aging.

3.5. Microstructures of As-Rolled NiTi SMA Sample Subjected to SPD and Aging

Figure 8 shows the microstructures of an as-rolled NiTi SMA sample subjected to SPD and
subsequent aging. It can be observed from Figure 8 that the microstructure of NiTi SMA sample has
a feature of martensite morphology. Furthermore, it can be found that martensite twins are distributed
in the matrix. The phenomenon has been validated by the previous study [17]. In addition, neither R
phase nor Ni4Ti3 precipitate appear in the matrix of NiTi SMA.
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Figure 8. TEM micrographs of an as-rolled NiTi SMA sample subjected to SPD and subsequent aging:
(a) Bright field image showing martensite morphology; (b) Bright field image showing the existence of
martensite twins.

3.6. Microstructures of Solution-Treated NiTi SMA Sample Subjected to SPD and Aging

Figure 9 TEM micrographs of solution-treated NiTi SMA sample subjected to SPD and subsequent
aging. It can be found from Figure 9 that, as for solution-treated NiTi SMA samples subjected to SPD
and subsequent aging, B2 austenite phase and B19′ martensite phase coexist in the matrix of NiTi SMA.
In particular, neither R phase nor Ni4Ti3 precipitate appear in the matrix of NiTi SMA as well.

 

Figure 9. TEM micrographs of a solution-treated NiTi SMA sample subjected to SPD and subsequent
aging: (a) Bright field image showing B2 austenite phase; (b) Diffraction pattern of (a); (c) Bright field
image showing B19′ martensite phase; (d) Diffraction pattern of (c).
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4. Discussion

In general, Ni4Ti3 precipitates are nucleated and grow preferentially at the grain boundary on the
basis of the theory for phase transformation kinetics. The nucleation rate of the Ni4Ti3 precipitates at
the grain boundary is greater than that in the grain interior because nucleation barrier of the former
is lower than that of the latter. Furthermore, the grain boundary energy plays an important role in
accelerating the nucleation of Ni4Ti3 precipitates at the grain boundary. However, in the present study,
the curvature of the grain boundary pinned occurs due to the pinning effect of the secondary phase
TiC at the grain boundary. As a consequence, the grain boundary energy is reduced as compared to
the original grain boundary, which suppresses the nucleation and growth of the Ni4Ti3 precipitates
to a certain degree. However, whether the grain boundary is pinned or not, the nucleation rate of
these Ni4Ti3 precipitates at the grain boundary is always greater than that in the grain interior. Firstly,
the nucleation and growth of Ni4Ti3 precipitates at the grain boundary results in the Ni concentration
at grain boundary being lowered as compared to the grain interior, which causes the Ni atoms in the
interior of grain to diffuse towards the grain boundary. However, coherent interface is unable to be
formed between the Ni4Ti3 precipitates at grain boundary and the B2 matrix, so the Ni4Ti3 phases
at the grain boundary are hard to grow towards the grain interior due to the impediment of grain
boundary. With the proceeding of aging, the Ni4Ti3 precipitates are nucleated and grow along the
coherent interface between them and the B2 matrix in the grain interior. In addition, because the Ni4Ti3
phases in the grain interior can absorb Ni atoms from the B2 austenite matrix around them, they grow
to be larger and larger, and consequently the smaller Ni4Ti3 precipitates are gradually merged by the
larger Ni4Ti3 precipitates.

It is generally accepted that the existence of the Ni4Ti3 phases is able to suppress the
transformation of martensite, which consequently promotes the occurrence of R phase. Because R phase
plays an important role in multi-stage phase transformation of NiTi SMAs, the occurrence of two-stage
phase transformation (B2-R-B19′) is regarded as a reasonable phenomenon in Ni-rich NiTi SMAs
subjected to aging. However, abnormal three-stage transformation often appears in the aged Ni-rich
NiTi SMAs. Bataillard et al. [18] suggested that the small-scale stress inhomogeneity in the B2 austenite
matrix around Ni4Ti3 precipitates is responsible for the emergence of three-stage transformation during
cooling, where the three-stage transformation includes an one-stage transformation from B2 austenite to
R phase and a two-stage transformation from R phase to B19′ martensite, which corresponds to the high
stress region near Ni4Ti3 precipitate and the low stress region away from Ni4Ti3 precipitate, respectively.
Khalil Allafi et al. [19] suggested that the three-stage transformation during cooling is induced by
the small-scale chemical composition inhomogeneity in the B2 austenite matrix and between the
Ni4Ti3 precipitates, which leads to one B2-R transformation as well as two R-B19′ transformations.
Furthermore, the two R-B19′ transformations occur in a low Ni region near Ni4Ti3 precipitate or at high
Ni region away from Ni4Ti3 precipitate. Dlouhý et al. [20] gave microstructural evidence that R phase
is nucleated at the interface between the B2 austenite matrix and Ni4Ti3 precipitate and B19′ martensite
is nucleated at the interface between R phase and Ni4Ti3 precipitate. According to the aforementioned
literatures, it can be proposed that the occurrence of R phase is mainly attributed to the inhomogeneous
stress filed or the heterogeneous chemical composition, which results from the existence of Ni4Ti3
precipitates. However, in the present study, it seems that the dislocation networks lay the foundation
for the formation of R phase. Under the condition of aging for 2 h at 600 ◦C, the Ni4Ti3 precipitates are
easier to occur in the solution-treated NiTi SMA as compared to NiTi SMA which contains plenty of
dislocations due to previous processing history.

When NiTi SMA is subjected to local canning compression, SPD results in amorphization of NiTi
SMA. Crystallization of the amorphous NiTi SMA takes place in the course of subsequent aging for 2 h
at 600 ◦C. As a matter of fact, SPD results in a mixture containing the amorphous phase and the retained
nanocrystalline phase. The crystallization mechanism for the amorphous phase accompanied by the
retained nanocrystalline phase can be summarized as the following procedures. Firstly, the retained
nanocrystalline phase preferentially acts as the nucleus under the action of thermal driving force.
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In addition, a high density of dislocations is able to be induced in the retained nanocrystalline phase,
where the stored energy is enhanced. As a consequence, the release of the stored energy makes a
contribution to the formation of the crystal nucleus. With the proceeding of aging time, new crystals
are nucleated in the amorphous matrix because the stored energy aroused by the lattice defects of the
amorphous phase is relaxed, and simultaneously the retained nanocrystals continue to grow up under
the thermal driving force. Once all the grains impinge each other, complete crystallization occurs in the
NiTi SMA sample suffering from SPD. Consequently, the amorphous phase is preferentially crystallized
in the studied NiTi SMA, which contributes to suppressing the formation of Ni4Ti3 precipitates because
the crystallized NiTi SMA is unable to meet the requirements for the precipitation of Ni4Ti3 phase.
On the one hand, the energy has been consumed by the crystallization process and consequently the
crystallized NiTi SMA is unable to meet the requirements for the precipitation of Ni4Ti3 phase in
terms of energy. On the other hand, the crystallized NiTi SMA does not meet the requirements for the
precipitation of Ni4Ti3 phase in terms of chemical composition. It can be concluded that SPD plays
a significant role in suppressing the formation of R phase and Ni4Ti3 precipitate of NiTi SMA.

5. Conclusions

(1) In the case of as-rolled NiTi SMA sample subjected to aging for 2 h at 600 ◦C, R phase appears
in the B2 austenite matrix. The as-rolled NiTi SMA sample contains plenty of dislocation
networks aroused by previous processing history. The dislocation networks are responsible
for the formation of the R phase.

(2) Solution treatment for 2 h at 850 ◦C can result in the annihilation of the dislocations in the
as-rolled NiTi SMA sample. As a consequence, the Ni4Ti3 precipitates more easily arise in
a solution-treated NiTi SMA sample when aged for 2 h at 600 ◦C.

(3) SPD is capable of inducing amorphization of a NiTi SMA sample at room temperature.
Amorphous NiTi SMA is able to be subjected to crystallization when aged for 2 h at 600 ◦C.
Consequently, SPD and subsequent aging contribute to enhancing the transformation temperature
of martensite. In addition, SPD plays an important role in suppressing the occurrence of R phase
and Ni4Ti3 precipitate.
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Abstract: We have investigated the relation between the softening of elastic constants and martensitic
transformation in Fe3Pt, which exhibits various kinds of martensitic transformation depending on
its long-range order parameter S. The martensite phases of the examined alloys are BCT (S = 0.57),
FCT1 (S = 0.75, c/a < 1) and FCT2 (S = 0.88, c/a > 1). The elastic constants C′ and C44 of these alloys
decrease almost linearly with decreasing temperature. Although the temperature coefficient of C′

decreases as S increases, C′ at the transformation temperature is the smallest in the alloy with S = 0.75,
which transforms to FCT1. This result implies that softening is most strongly related to the formation
of the FCT1 martensite with tetragonality c/a < 1 among the three martensites.

Keywords: elastic constants; band Jahn–Teller effect; disorder–order transformation

1. Introduction

The relation between softening of elastic constants and martensitic transformation has attracted
considerable attention for many years and has been discussed by many researchers [1–10]. In some
alloys exhibiting martensitic transformation, softening of elastic constants C′ = (C11 − C12)/2 and large
elastic anisotropy (C44/C′) was observed in the parent phase, but the significance of the softening
is largely different between the alloys. For example, the value of C′ near the transformation start
temperature is approximately 0.01 GPa in In–27Tl (at %) alloy [3], 1 GPa in Au–30Cu–47Zn (at %)
alloy [2], 5 GPa in Fe–30Pd (at %) alloy [7], 8 GPa in Cu–14Al–4Ni (at %) alloy [10], and 14 GPa in
Ti–50.8Ni (at %) [8] and Al–63.2Ni (at %) alloys [4]. Because of such a large distribution of C′ at
the Ms temperature, the influence of softening of C′ on martensitic transformation is expected to be
significantly different between these alloys. Martensitic transformation in some alloys is probably
strongly related to the softening of C′, while that in others is weakly related despite the fact that the
softening appears before the transformation.

In some alloys, several kinds of martensite phases appear by slightly changing the composition
or long-range order parameter (degree of order). We consider that a study on elastic softening in
such alloys will help us understand the relation between softening and martensitic transformation.
Iron–platinum alloys are one such alloy system. An iron–platinum alloy with Pt content of 25 at %
(Fe3Pt) exhibits disorder–order transformation from the A1-type disordered structure to the L12-type
ordered structure. Depending on the degree of order S of the L12-type structure, Fe3Pt exhibits
various kinds of martensitic transformations. (Here, S is the Bragg–Williams long-range order
parameter [11]). The disordered alloy transforms to the BCC (body-centered-cubic) martensite like
iron–nickel alloys. As the degree of order increases, the structure of the martensite phase changes
to BCT (body-centered-tetragonal) and then to FCT (face-centered-tetragonal) with c/a < 1 [12–15].
Recently, another type of FCT martensite with c/a > 1 and also an orthorhombic martensite were found
in highly ordered Fe3Pt [16,17]. We call the former FCT (c/a < 1) martensite FCT1 and the latter FCT
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(c/a > 1) martensite FCT2 in the following. Incidentally, the Strukturbericht symbol for the BCT, FCT1
and FCT2 martensites are L60-type, but we use the traditional names in this paper for convenience.

As mentioned above, at least five kinds of martensite phases appear in Fe3Pt depending on degree
of order S. Among the five, three (BCT, FCT1 and FCT2) have tetragonal structures. When the BCT
martensite is formed, the tetragonality c/a changes drastically from 1 to 0.79 at the transformation start
temperature. This means that the L12-BCT transformation is an obvious first order. On the other hand,
the jump in c/a at the transformation temperature is undetectable by conventional X-ray techniques
for the FCT1 and the FCT2 martensites; c/a changes gradually in the cooling process from 1 to 0.94
when the FCT1 martensite is formed and from 1 to 1.005 when the FCT2 martensite is formed [16].
This means that the L12-FCT1 and the L12-FCT2 transformations are very weak first order. Because
of the difference in transformation behavior, we may expect different softening behavior in elastic
constants of the L12-type parent phase.

Several reports have been made on elastic constants of Fe–Pt alloys with Pt content near 25%.
Huash [18] examined the elastic constants of a disordered Fe–28Pt (at %) alloy. Although the alloy does
not show a martensitic transformation, it exhibits significant softening in elastic constants C′ and C44

below its Curie temperature. Influence of degree of order S on elastic constants was examined by Ling
and Owen [19] using an Fe–25Pt alloy. According to their report, the softening becomes less significant
as S increases. They discussed the behavior from the view point of Invar effect. At the time of their
report, the various types of martensites in Fe–25Pt alloys were not identified; therefore, the relation
between the softening and martensitic transformations was not discussed there. The relation between
elastic constant and martensitic transformation was discussed by Kawald et al. [20] in an Fe–25Pt
(at %) with S = 0.6. They observed that C′ approaches nearly zero in Fe–25Pt alloy, but the structure
of the martensite phase and the transformation start temperature was not identified in the report.
Owen [21] discussed the relation between softening and martensitic transformations in Fe–Pt alloys,
and suggested that the softening affects the growth of the martensite phase. However, the structure of
the martensite phase was not mentioned and it seems that only the BCC martensite was considered.

The elastic properties of Fe–Pt alloys were also examined by constructing phonon dispersion
curves [22–24]. Tajima et al. [22] reported that [110] TA1 mode of an ordered Fe–27.8Pt (at %)
alloy exhibits significant softening near the Γ-point (center of the Brillourin zone) with decreasing
temperature. Kästner et al. [23] found that softening at the Γ-point of the ordered Fe–28Pt is less
significant compared with the disordered Fe–28Pt alloy. However, the alloys they examined do not
show a martensitic transformation; therefore, the relation between the softening and martensitic
transformations are not discussed there.

As mentioned above, although there exist several reports on the elastic properties of Fe–Pt
alloys, the relation between the softening of elastic constant and martensitic transformations is not
clear. The present study is motivated to make progress on the interpretation of the relation between the
softening in elastic constant and martensitic transformation using several Fe–25Pt alloys, which transform
to three types of tetragonal martensite phases (BCT, FCT1 and FCT2) depending on degree of order.

2. Materials and Methods

An ingot of Fe–25.0Pt (at %) was prepared by melting an iron bar (99.99 mass %) and a platinum
plate (99.95 mass %) in an arc melting furnace (DIAVAC, Chiba, Japan) under an argon gas atmosphere.
By using the ingot, a boule (single crystal) was grown by a floating zone method in an argon gas
atmosphere with a growth rate of 3 mm/h. Three parallelepiped specimens (Specimen-A, Specimen-B,
Specimen-C) with all faces parallel to {100} were cut from the boule and subjected to homogenization
heat treatment at 1373 K for 1 h. Then, three kinds of ordering heat treatment were applied to obtain
different degrees of order S of the L12-type structure.

Specimen-A (3.07 × 3.06 × 3.03 mm3) was cooled from 1373 to 973 K with a cooling rate of
1 K/min, and then kept at 973 K for 10 h followed by quenching into iced water. Specimen-B
(3.03 × 3.01 × 3.00 mm3) was cooled from 1373 to 923 K with a cooling rate of about 1 K/min, and then
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kept at 923 K for 100 h followed by quenching into iced water. Specimen-C (3.28 × 3.23 × 3.10 mm3)
was cooled from 1373 to 1103 K with a cooling rate of about 1 K/min, and then cooled to 773 K with
a cooling rate of 10 K/day followed by furnace cooling to room temperature. The degree of order S
(L12-type) of the three specimens was determined by comparing the intensity of 100 and 200 reflections
obtained by X-ray diffraction. Details of the method were described elsewhere [25], and the obtained
value of S was 0.57, 0.75 and 0.88 with an error of approximately ±0.05 for Specimens-A, -B and -C,
respectively; in the following, we refer to the three specimens as S57, S75 and S88 in order to clearly
indicate the degree of order.

All three specimens exhibit ferromagnetic transition, and the Curie temperature, Tc, increases with
increasing degree of order (S) and the value is 353, 394 and 441 K for S57, S75 and S88, respectively [15].
The specimen S57 (S = 0.57) transforms to the BCT martensite at 145 K, S75 transforms to the FCT1
martensite with c/a < 1 at 85 K, and S88 transforms to the FCT2 martensite with c/a > 1 at 60 K [15].

The elastic constants of the three specimens were measured by a rectangular parallelepiped
resonance (RPR) method [26,27]. More than 40 resonance peaks in the frequency range of 200 and
800 Hz were used to optimize the elastic constants. During the measurements, a magnetic field of
1 T was applied to the [111] direction of the specimen to avoid the movement of magnetic domains.
The experimental setup is shown in Figure 1a, and an example of the spectra obtained for the S88
specimen at 300 K is shown in Figure 1b with indexes of modes.

 

Figure 1. Schematic illustration showing the setting of the specimen for rectangular parallelepiped
resonance (RPR) measurements under a magnetic field (a), and an example of the spectra of S88 at
300 K (b).

3. Results and Discussion

Figure 2 shows the temperature dependence of elastic constants CL = (C11 + C12 + 2C44)/2, C44

and C′ = (C11 − C12)/2. The errors of data are estimated to be the size of the marks. The temperature
dependence of CL is small, and CL increases as the degree of order S increases. The value of C44

decreases almost linearly in the examined temperature range for all the specimens. The value of C′

decreases almost linearly for all the specimens, but it slightly deviates from the linear relation below
about 200 K for S75 and S57. This deviation could be due to the formation of tweed microstructure
reported previously [12]. The bulk modulus B, which is given by B = (C11 + 2C12)/3 = CL − C44 − C′/3,
increases as temperature decreases; the value of B is between 85 and 100 GPa for S57, between 105 and
125 GPa for S75, and between 125 and 150 GPa for S88 in the examined temperature range.
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Since C44 and C′ decrease almost linearly in a wide temperature range, we fitted C44 and C′

by linear functions of T, and the results are shown in Figure 2 by dashed lines. On each line, Curie
temperature is shown by a double arrow. We notice that the value of C44 and C′ at Tc on the extrapolated
line is nearly the same for all the specimens: C44(Tc) ~100 GPa and C′(Tc) ~30 GPa. This result
supports a previous discussion that the softening of C′ and C44 is caused by the band structure of the
ferromagnetic phase [27–29].

The martensitic transformation temperature is also shown by a single arrow on each line in
Figure 2. The extrapolated value of C′ at Ms is 1.7 GPa for S57, 0.6 GPa for S75 and 6.9 GPa for S88.
The value of C′ is the smallest when the martensite phase is FCT1 with c/a < 1. The present result
suggests that the softening in C′ is most strongly related to the formation of FCT1 martensite with
c/a < 1 compared with other martensites.
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Figure 2. Elastic constants CL (a), C44 (b) and C’ (c) of Fe3Pt with different degrees of order S.
Single arrows indicate the martensitic transformation start temperature. Double arrows indicate
the Curie temperature.

The anomalies in elastic anisotropy A = C44/C′ are frequently discussed in alloys exhibiting
thermoelastic martensitic transformations. Figure 3 shows the elastic anisotropy evaluated from
Figure 2. The vertical lines indicate the martensitic transformation temperature. If we simply extend
the experimental data, the approximate value of A at Ms temperature is expected to be 10 for S88,
30 for S75 and 20 for S57. The elastic anisotropy at Ms is the largest for S75 which transforms to FCT1
with c/a < 1. This again suggests that softening in C′ is most strongly related to the formation of
FCT1 martensite. Presumably, the band Jahn–Teller effect is the main reason for the softening of C’ as
previously reported [30]. Incidentally, the solid curve in Figure 3 is the calculated anisotropy using the
linear relation shown by the dotted lines in Figure 2. If the linear relations were satisfied to Ms, the
anisotropy at Ms would be 50 in S57 and 280 in S75.
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Figure 3. Temperature dependence of the elastic anisotropy of Fe3Pt with different degrees of order S.
The vertical lines indicate the martensitic transformation temperature.

4. Conclusions

The three alloys of Fe3Pt (S = 0.57, 0.75, 0.88) all exhibit softening of elastic constant C′. Although
the temperature coefficient of C′ is largest for S = 0.57, which transforms to the BCT martensite,
the value of C′ at Ms is the smallest for S = 0.75, which transforms to the FCT1 martensite. In addition,
the elastic anisotropy is the largest for S = 0.75. The softening in C′ is probably most strongly related to
the formation of the FCT1 martensite.
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Abstract: Physical mechanism for dynamic recrystallization of NiTi shape memory alloy subjected
to local canning compression at various temperatures, 600, 700 and 800 ◦C, was investigated via
electron backscattered diffraction experiments and transmission electron microscopy observations.
With increasing deformation temperature, fractions of recrystallized grains and substructures
increase, whereas fraction of deformed grains decreases. In the case of 600 and 700 ◦C, continuous
dynamic recrystallization and discontinuous dynamic recrystallization coexist in NiTi shape memory
alloy. In the case of discontinuous dynamic recrystallization, the recrystallized grains are found
to be nucleated at grain boundaries and even in grain interior. The pile-up of statistically stored
dislocation lays the foundation for the nucleation of the recrystallized grains during discontinuous
dynamic recrystallization of NiTi shape memory alloy. Geometrically necessary dislocation plays
as an important role in the formation of new recrystallized grains during continuous dynamic
recrystallization of NiTi shape memory alloy.

Keywords: shape memory alloy; NiTi alloy; plastic deformation; dynamic recrystallization; microstructure

1. Introduction

NiTi-based shape memory alloys (SMAs) have been widely used in the engineering fields
because they possess shape memory effect as well as superelasticity [1,2]. It is well known that
plastic deformation at high temperatures is of great importance in manufacturing the products of
NiTi-based SMAs [3–5]. In particular, dynamic recrystallization (DRX) frequently occurs during plastic
deformation of NiTi-based SMAs at high temperatures [6–9]. It can be generally accepted that DRX has
an influence on the microstructures of metallic alloys, which further have an effect on the mechanical
properties [10,11]. As a consequence, it is important to investigate the DRX mechanisms of metallic
alloys subjected to plastic deformation at high temperatures. In recent years, many researchers have
devoted themselves to investigating the DRX of various metals subjected to uniaxial compression
at high temperatures [12–17]. However, only a few literatures related to the DRX of NiTi-based
SMAs have been reported. Yin et al. studied the mechanisms of DRX in the 50Ti-47Ni-3Fe SMA
by means of uniaxial compression tests at the temperatures ranging from 750 to 1050 ◦C and at the
strain rates ranging from 0.01 to 10 s−1, where continuous dynamic recrystallization (CDRX) was
found [6]. Basu et al. investigated the DRX in an Ni-Ti-Fe SMA subjected to uniaxial compression at
the temperatures of 750, 850 and 950 ◦C, respectively, and they found that the DRX is able to suppress
calorimetric signatures of phase transformations from austenite to martensite [7]. Mirzadeh and Parsa

Metals 2017, 7, 208 29 www.mdpi.com/journal/metals

Bo
ok
s

M
DP
I



Metals 2017, 7, 208

investigated hot compression behavior of 50.5 at % Ni–49.5 at % Ti SMA via flow stress curves at the
temperatures ranging from 700 to 1000 ◦C and at the strain rate of 0.1 s−1, where the typical single-peak
DRX behavior was observed [9].

All the aforementioned investigations related to the DRX of NiTi-based SMAs were performed
in the case of uniaxial compression at the temperatures above 700 ◦C. In addition, none of them
focused on the mechanism of DRX in NiTi-based SMAs. In fact, the DRX may occur in the NiTi-based
SMA which is deformed at a lower temperature of 600 ◦C [8]. It is well known that the deformation
temperature is able to influence the mechanism of DRX. Furthermore, local canning compression may
result in a different DRX behavior since it is able to provide a three-dimensional compression stress for
the deformed materials. As a consequence, in the present work, a binary NiTi SMA was subjected to
local canning compression at three temperatures (600, 700 and 800 ◦C) so as to investigate the physical
mechanism of DRX.

2. Materials and Methods

2.1. Local Canning Compression

Commercially hot-rolled binary NiTi SMA bar with the composition of Ni50.9Ti49.1 (at %) and
the diameter of 12 mm was used as raw material. The NiTi SMA bar was provided by Xi’an saite
metal materials development Co., Ltd., Xi’an, China. The NiTi SMA samples, whose diameter and
height are 4 and 6 mm, respectively, were removed from the as-rolled NiTi SMA bar along the axial
direction via an electro-discharge machining (EDM) (DK7725, Jiangsu Dongqing CNC Machine Tool
Co., Ltd., Taizhou, China). Subsequently, they were locally canned by the cans made of low carbon
steel. Therein, the inner diameter, outer diameter and the height of the cans are 4, 10 and 3 mm,
respectively. Afterward, the local canning compression experiments were carried out on the INSTRON
5500 equipment (Instron Corporation, Norwood, MA, USA) at the strain rate of 0.05 s−1 and at 600,
700 and 800 ◦C, respectively. Furthermore, all the canned NiTi SMA samples were compressed by
75% in height. Subsequently, all the compressed NiTi SMA samples were quenched into water at room
temperature. Finally, the compressed NiTi SMA samples were removed from the steel cans.

2.2. Materials Characterization

The samples for electron backscattered diffraction (EBSD) measurements were prepared based
on the cross section which is parallel to axial direction of the as-rolled NiTi SMA bar as well as the
compressed NiTi SMA samples. The NiTi SMA samples for EBSD observation were mechanically
polished and subsequently electropolished in a solution, which is composed of 30% HNO3 and
70% CH3OH by volume fraction, at −30 ◦C. EBSD experiments were performed on the NiTi SMA
samples via Zeiss ULTRA plus scanning electron microscope (SEM) (University of South Carolina,
Columbia, SC, USA), which is equipped with Oxford Instruments AZtec integrated energy-dispersive
spectroscopy (EDS) and EBSD system. Microstructures of the compressed NiTi SMA samples
were characterized via transmission electron microscopy (TEM). Foils for TEM observation were
mechanically ground to 70 μm and then thinned by twin-jet polishing in an electrolyte which is
composed of 6% HClO4, 34% C4H10O and 60% CH3OH by volume fraction. TEM observations were
carried out on a FEI TECNAI G2 F30 microscope (FEI Corporation, Hillsboro, OR, USA), which
possesses a side-entry and double-tilt specimen stage with angular range of ±40◦ at an accelerating
voltage of 300 kV.

3. Results

3.1. EBSD Analysis of Microstructural Evolution

Based on EBSD experiment, the microstructure of the as-rolled NiTi SMA bar was characterized,
and the corresponding results were shown in Figure 1. It can be seen from Figure 1 that the grains of
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the as-rolled NiTi SMA bar exhibit a certain preferential orientation, where <110> texture is dominant
according to orientation distribution function (ODF). In addition, it can be found that the misorientation
of the grains basically follows a normal distribution except that the grains with the misorientation of
1–2◦ exhibit a higher frequency, as shown in Figure 1c. In addition, it can be noted from Figure 1d that
the size of grains mainly ranges from 10 to 60 μm.

Figure 1. Microstructure characterization of as-rolled NiTi shape memory alloy (SMA) based on electron
backscattered diffraction (EBSD) experiment: (a) distribution of grains with various orientations;
(b) orientation distribution function (ODF); (c) misorientation angle distribution; (d) distribution of
equivalent grain diameter.

Figure 2 shows the EBSD results of NiTi SMA subjected to canning compression at various
temperatures, 600, 700 and 800 ◦C. It can be observed from Figure 2 that as compared to the as-rolled
NiTi SMA, the grains with low angle grain boundaries are dominant in the compressed NiTi SMA.
In particular, <110> texture of the as-rolled NiTi SMA is transformed into <111> texture of the
compressed NiTi SMA as a result of plastic deformation. Furthermore, the intensity of <111> texture
increases with increasing deformation temperature. The aforementioned results indicate that DRX
seems to have a significant influence on the texture evolution of NiTi SMA.

 

Figure 2. EBSD analysis of NiTi SMA subjected to local canning compression at various temperatures:
(a) orientation map at 600 ◦C; (b) misorientation distribution at 600 ◦C; (c) ODF at 600 ◦C; (d) Orientation
map at 700 ◦C; (e) misorientation distribution at 700 ◦C; (f) ODF at 700 ◦C; (g) orientation map at
800 ◦C; (h) misorientation distribution at 800 ◦C; (i) ODF at 800 ◦C.
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For the purpose of further understanding DRX mechanisms of NiTi SMA, microstructures of NiTi
SMA subjected to local canning compression at the various temperatures were characterized by means
of EBSD experiment, as shown in Figure 3. The fractions of the recrystallized grains, the substructures
and the deformed grains are captured in NiTi SMA subjected to local canning compression at 600,
700 and 800 ◦C. It can be noted that with increasing deformation temperature, the fractions of the
recrystallized grains and the substructures increase, whereas the fraction of the deformed grains
decreases. In fact, the three structures do not show such a considerable discrepancy between 600 and
700 ◦C. However, as compared to 600 and 700 ◦C, the three structures present an apparent discrepancy
in NiTi SMA subjected to local canning compression at 800 ◦C. The aforementioned phenomena are
attributed to the fact that dynamic recovery (DRV) and DRX are dominant in NiTi SMA subjected to
local canning compression at 600 and 700 ◦C, while only DRX is dominant in NiTi SMA subjected to
local canning compression at 800 ◦C.

 

Figure 3. EBSD analysis of dynamic recrystallized microstructures in NiTi SMA subjected to local
canning compression at various temperatures: (a) DRX map at 600 ◦C; (b) DRX map at 700 ◦C;
(c) DRX map at 800 ◦C; (d) Area fraction distribution of various microstructures. (The grains with the
misorientation equal to or larger than 10◦ was defined as the recrystallized structures, and the grains
with the misorientation ranging from 3 to 10◦ were regarded as the substructured structures, while the
grains with the misorientation equal to or lower than 3◦ was identified as the deformed structures.)

Figure 4 shows a distribution of geometrically necessary dislocation (GND) density of NiTi SMA
samples based on EBSD experiments. It can be observed that as compared to the as-rolled NiTi SMA
sample, GND density shows little difference in the NiTi SMA samples subjected to local canning
compression at 600, 700 and 800 ◦C. In addition, the deformation temperatures have little influence on
GND density of NiTi SMA samples. Furthermore, as is expected, GND is mainly distributed at the
grain boundaries.
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Figure 4. Distribution of geometrically necessary dislocation (GND) density in NiTi SMA subjected to
local canning compression at various temperatures: (a) As-rolled; (b) 600 ◦C; (c) 700 ◦C; (d) 800 ◦C.

3.2. TEM Observation of Microstructural Evolution

TEM micrographs of NiTi SMA subjected to local canning compression at 600, 700 and 800 ◦C are
shown in Figures 5–7, respectively, so that the corresponding mechanisms of DRX are further clarified.
It can be found from Figure 5a that in the case of 600 ◦C, a high density of dislocations is distributed
in the matrix of NiTi SMA with B2 austenite phase. In addition, the subgrain with low angle grain
boundary can be observed in Figure 5c, where plenty of dislocations are distributed in the subgrain
interior. In particular, the recystallized grains can be observed in the grain interior in Figure 5d.
However, as for NiTi SMA subjected to local canning compression at 700 ◦C, dislocation density is
obviously reduced, as shown in Figure 6a. The recystallized grain can be observed in the grain interior,
as shown in Figure 6c, where plenty of dislocations are distributed in the recystallized grain. Moreover,
a triple-junction grain boundary can be observed in Figure 6d, where a few dislocations are distributed
near the grain boundary. In particular, no recystallized grain can be seen in the grain interior. However,
when NiTi SMA is subjected to local canning compression at 800 ◦C, dislocation density is substantially
reduced, as shown in Figure 7a. It is very difficult to capture the whole recrystallized grain as well as
the subgrain by means of TEM observation. It can be observed that the parallel dislocation array is
distributed near the grain boundary due to the pile-up of dislocations at the grain boundary.
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Figure 5. TEM micrographs of NiTi SMA subjected to local canning compression at 600 ◦C: (a) bright
field image showing a high density of dislocations; (b) diffraction patterns of (a) showing the existence
of B2 austenite; (c) bright field image showing the existence of subgrain boundary; (d) bright field
image showing the existence of recrystallized grains.

 

Figure 6. TEM micrographs of NiTi SMA subjected to local canning compression at 700 ◦C: (a) Bright
field image; (b) diffraction patterns of (a) showing the existence of B2 austenite; (c) bright field image
showing the formation of recrystallized grains at the grain boundary; (d) bright field image showing
the existence of triple-junction grain boundary.
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Figure 7. TEM micrographs of NiTi SMA subjected to local canning compression at 800 ◦C:
(a) bright field image showing the existence of triple-junction grain boundary; (b) diffraction
patterns of (a) showing the existence of B2 austenite; (c) bright field image showing the pile-up
of dislocations at the grain boundary; (d) bright field image showing the existence of substructures due
to parallel dislocations.

4. Discussion

It is well known that DRX frequently occurs in the metal materials subjected to hot working.
Consequently, the new grains, which are completely different from the original ones, arise in the initial
microstructures. Furthermore, the factors, which have an influence on DRX, deal with deformation
temperature, plastic strain, strain rate and nature of metal materials. So far as the latter is concerned,
stacking fault energy is related closely to DRX of metal materials. In particular, it is generally accepted
that DRX can be divided into discontinuous dynamic recrystallization (DDRX) and CDRX. In the case
of DDRX, the formation of the recrystallized grains deals with the nucleation and the growth of new
grains. In other words, DDRX has a characteristic of repeated nucleation and finite growth. However,
in terms of CDRX, subgrain structures with low angle grain boundary are induced at the primary stage
of plastic deformation and they are progressively transformed into the new grains with high angle
grain boundaries after experiencing large plastic strain. In general, DDRX takes place in the metal
materials with low to medium stacking fault energy at high temperatures more than 0.5Tm, where Tm

is the melting point of the metal materials. The melting point of the NiTi SMA used in the present
study is determined as 1300 ◦C or so. CDRX is found to occur in all the metal materials regardless of
their stacking fault energy when the deformation temperature is above 0.5Tm and the metal materials
are subjected to severe plastic deformation. However, at high temperatures above 0.5Tm, CDRX are
frequently observed in the metal materials with high stacking fault energy [10,11].

It is well known that dislocation density plays an important role in DRX of metals. In the case of
DDRX, in particular, dislocation density shall become a driving force that facilitates the nucleation
of new recrystallized grains during plastic deformation. In general, the new recrystallized grains are
free of dislocations during DDRX. However, in the case of CDRX, the dislocations are progressively
absorbed during transformation from low angle grain boundaries to high angle grain boundaries.
Furthermore, CDRX frequently occurs along with DRV. Consequently, the dislocations can be frequently
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observed in the recrystallized grains based on CDRX. According to the aforementioned analysis, it can
be deduced that in the present study, DDRX and CDRX coexist during plastic deformation of NiTi SMA
at 600 and 700 ◦C. It has been reported in the literatures that stacking fault energy is not a rigorous
factor distinguishing between DDRX and CDRX since DDRX is observed in the metals with high
stacking fault energy [18], while CDRX is observed in the metals with low stacking fault energy [19].
It can be generally accepted that DDRX frequently occurs in NiTi-based SMA [6–8]. However, recent
literature has shown that CDRX is captured in NiTiFe SMA [9]. However, it seems that DDRX is
dominant in NiTi SMA subjected to plastic deformation at 800 ◦C, while it is unclear that whether
CDRX is able to arise since the experimental evidence is insufficient in the present work.

It can be generally accepted that during DDRX of NiTi SMA, there is a competition between
hardening mechanism due to dislocation storage and softening mechanism due to dislocation
elimination. The competition mechanism is described as follows. When NiTi SMA is subjected to plastic
deformation, the dislocation density increases with increasing plastic strain, and consequently the
increase of the dislocation density leads to the occurrence of hardening mechanism. Simultaneously, the
increasing dislocation density provides a driving force for the nucleation of the dynamic recrystallized
grains, and thus the formation of the dynamic recrystallized grains result in the decrease of the
dislocation density [11,20]. In the meantime, the DRV process is relatively slow, so the dislocation
density is able to achieve a sufficiently high value to promote the nucleation of new recrystallized
grains during plastic deformation. In general, the new recrystallized grains are nucleated preferentially
at the grain boundaries, especially at the triple-junction of grain boundaries. The phenomenon is
attributed to the fact that the dislocation density exhibits a higher value at the grain boundaries
due to the pile-up of dislocations. However, according to the aforementioned results, it seems that
the recrystallized grains are able to be nucleated in the grain interior. In general, NiTi SMA is in a
three-dimension compressive stress state when it is subjected to local canning compression. This shall
lead to the occurrence of high plastic strain in the local region of the grain interior. As a consequence,
local high plastic strain results in local high dislocation density, which provides a driving force for the
nucleation of the recrystallized grains in the grain interior. Of course, the corresponding experiment
evidence shall be performed in the future.

In order to better give an insight into the distinction between DDRX and CDRX and to deeply
understand the role of the dislocation density in DRX of NiTi SMA, the dislocation can be divided
into statistically stored dislocation (SSD) and GND. In general, SSD is inherently responsible for
plastic flow based on crystallographic slip on the distinct slip planes. However, GND results from
the inhomogeneous plastic deformation, which is responsible for accommodating a given strain
gradient and preserving crystallographic lattice compatibility. When NiTi SMA is subjected to plastic
deformation at high temperatures, the slip systems are activated and consequently plenty of SSDs
pile up towards the grain boundary. A high density of dislocations at the grain boundary lays the
foundation for the nucleation of the recrystallized grains during DDRX of NiTi SMA. SSDs can tangle
with each other even in the grain interior, and thus a high density of dislocations is formed in the
grain interior. As a consequence, it is possible for the recrystallized grains to be nucleated in the
grain interior. It can be generally accepted that there is not a rigorous dividing line between SSD and
GND. In the case of CDRX, SSDs can be transformed into GNDs, which shall constitute the subgrain
boundary. With the progression of plastic deformation, the subgrain boundary progressively absorbs
GNDs and finally the new recrystallized grains are formed. It seems that GND plays a more important
role in the formation of the new recrystallized grains during CDRX.

5. Conclusions

(1) In the case of 600 and 700 ◦C, DDRX and CDRX coexist in NiTi SMA. In the case of DDRX, the
recrystallized grains are found to be nucleated at the grain boundary and even in the grain interior.
The pile-up of SSDs lays the foundation for the nucleation of the recrystallized grains during DDRX of
NiTi SMA. GND plays a significant role in the formation of new recrystallized grains during CDRX
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of NiTi SMA. DDRX of NiTi SMA is attributed to a competition between hardening mechanism
due to dislocation storage and softening mechanism due to dislocation elimination. In the case
of CDRX, subgrain structures with low angle grain boundary are induced at the primary stage of
plastic deformation and they are progressively transformed into the new grains with high angle grain
boundaries after being subjected to large plastic strain. Furthermore, the dislocations are progressively
absorbed during transformation from low angle grain boundaries to high angle grain boundaries.

(2) With increasing deformation temperature, fractions of the recrystallized grains and
the substructures increase, whereas the fraction of the deformed grains decreases. Dynamic
recrystallization has a significant influence on the texture evolution of NiTi SMA. In particular, <110>
texture of the as-rolled NiTi SMA is transformed into <111> texture of the compressed NiTi SMA as a
result of plastic deformation. Furthermore, the intensity of <111> texture increases with increasing
deformation temperature. It can be deduced that local canning compression causes NiTi SMA to be in a
three-dimensional compressive stress state, which contributes to the occurrence of DRX. Furthermore,
under the action of a three-dimensional compressive stress, the grains of NiTi SMA are preferentially
orientated along with plastic deformation. As a consequence, <111> texture is formed under the
simultaneous action of DRX and compression deformation. The formation mechanism of <111> texture
shall be further investigated in the future.
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Abstract: NiTi shape memory alloy (SMA) tube was coupled with mild steel cylinder in order to
investigate deformation mechanisms of NiTi SMA tubes undergoing radial loading. NiTi SMA tubes
of interest deal with two kinds of nominal compositions; namely, Ni-50 at % Ti and Ni-49.1 at % Ti,
where at room temperature, B19′ martensite is dominant in the former, and B2 austensite is complete
in the latter. The mechanics of the NiTi SMA tube during radial loading were analyzed based on
elastic mechanics and plastic yield theory, where effective stress and effective strain are determined
as two important variables that investigate deformation mechanisms of the NiTi SMA tube during
radial loading. As for the NiTi SMA tube with austenite structure, stress-induced martensite (SIM)
transformation as well as plastic deformation of SIM occur with the continuous increase of effective
stress. As for NiTi SMA tube which possesses martensite structure, reorientation and detwinning of
twinned martensite as well as plastic deformation of reoriented and detwinned martensite occur with
the continuous increase in the effective stress. Plastic deformation for dislocation slip has a negative
impact on superelasticity and shape memory effect of NiTi SMA tube.

Keywords: shape memory alloy; NiTi alloy; NiTi tube; radial loading; deformation mechanism

1. Introduction

NiTi shape memory alloy (SMA) has been substantially employed in the domain of engineering
since it possesses perfect shape memory effect (SME) and excellent superelasticity [1]. Based on
SME, NiTi SMA can remember the shape in the austenite phase when it is heated to austenite finish
temperature (Af) after undergoing a certain extent of deformation in the martensite state. In terms of
superelasticity, NiTi SMA is characterized by nonlinear recoverable deformation behavior when the
temperature is above Af. Superelasticity stems from stress-induced martensite (SIM) transformation by
exerting force and spontaneous reverse martensite transformation after removing force.

NiTi SMA tube—which possesses perfect SME, good corrosion resistance, high plateau stress,
ultimate tensile strength, high fatigue life, and excellent superelasticity at/around body temperature—has
been the best candidate for biomedical stents and pipe coupling [2–4]. More and more researchers have
been engaged in plastic working of NiTi SMA tube, such as drawing [5–7], extrusion [8], spinning [9]
and equal channel angular extrusion [10].

In particular, the mechanical behavior of NiTi SMA tube based on different loading modes is a
critical factor in engineering applications. In general, NiTi SMA tube exhibits different mechanical
behaviors as well as different transformation characteristics under different loading conditions.
Sun and Li studied the mechanical behavior of B2 austenite NiTi SMA tube under simple tension and
simple shear [11,12]. They found that when NiTi SMA tube with B2 austenite undergoes simple tension,
SIM transformation occurs so that a martensitic spiral band can be observed. However, when NiTi
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SMA tube with B2 austenite suffers from simple shear, a martensitic spiral band cannot be observed.
SIM transformation of B2 austenite NiTi SMA tube under simple tension was further validated on the
basis of experimental observation by Mao et al. [13]. Furthermore, Mao et al. also found that in the
case of uniaxial compression, a homogeneous martensite phase transformation appears in B2 austenite
NiTi SMA tube, where a martensitic spiral band is unable to be observed. Jiang et al. investigated
buckling and recovery of B2 austenite NiTi SMA tube under compressive loading by combining digital
image correlation (DIC) with finite element simulation, where SIM transformation plays a significant
role [14,15]. Bechle and Kyriakides studied the mechanical behavior of B2 austenite NiTi SMA tube
subjected to bending load. Consequently, they found that bending can also lead to localized nucleation
of martensite phase, where deformation patterns exhibit the considerable difference between the
compression and tension sides [16]. Wang et al. investigated the mechanical behavior of austenitic NiTi
SMA tube subjected to biaxial load, which involves tension loading and torsion loading, and has been
widely studied in the literature [17]. Bechle and Kyriakides also investigated localization evolution of
B2 austenite NiTi SMA tube undergoing biaxial stress loading by means of DIC, which is able to track
the evolution and degree of inhomogeneous deformation resulting from transformation from austenite
into martensite under loading as well as from martensite into austenite under unloading [18,19].
Rivin et al. investigated the recoverable deformation of hollow thin-walled NiTi tube subjected to
radial loading which acts on the outer wall of NiTi tube [20]. Zhang et al. studied the mechanical
behavior of hollow thin-walled NiTi tube under radial quasi-static compression, where the compressive
loading is also imposed on the outer wall of NiTi tube [21].

In the present study, a new radial loading mode is put forward for NiTi SMA tube by selecting
mild steel cylinder as loading media. The radial loading is implemented by imposing inner pressure on
the inner wall of NiTi tube, where inner pressure results from plastic deformation of the steel cylinder.

2. Materials and Methods

NiTi SMA bars—which have chemical composition of Ni-50 at % Ti and Ni-49.1 at % Ti,
respectively—were used for manufacturing NiTi SMA tubes. The inner diameter, outer diameter,
and height of NiTi SMA tubes were 8, 10, and 10 mm, respectively. In order to investigate the
mechanical behavior and deformation mechanism, the mild steel cylinder (with diameter and height
of 8 and 20 mm, respectively) was symmetrically inserted into NiTi SMA tube. The assembled sample
experienced a compression test on the INSTRON-5500R equipment (Instron Corporation, Norwood,
MA, USA), as shown in Figure 1. The pressure, p which is imposed on NiTi SMA tube can be solved
according to plastic yield and plastic mechanics of the mild steel cylinder. The deformation mechanism
of NiTi SMA tube can be analyzed based on the pressure p and according to the dimension variation
during plastic deformation.

 

Figure 1. Photograph of NiTi shape memory alloy (SMA) tube undergoing radial loading test.
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Microstructures of NiTi SMA samples were characterized using transmission electron microscope
(TEM). Specimens for TEM experiment were mechanically ground to 70 μm. Subsequently, they were
thinned via twin-jet polishing in an electrolyte composed of 6% HClO4, 34% C4H10O, and 60% CH3OH,
according to volume percentage. TEM observation was performed on a FEI TECNAI G2 F30 microscope
(FEI Corporation, Hillsboro, OR, USA). To further acquire the microstructure of NiTi SMA samples,
electron back-scattered diffraction (EBSD) experiments were carried out on NiTi SMA specimens
using a Zeiss Supra 55 scanning electron microscope (University of South Carolina, Columbia, SC,
USA) coupled with an OXFORD EBSD instrument (Oxford Instruments, Oxford, UK). The samples for
EBSD were mechanically polished and subsequently electropolished in a solution of 30% HNO3 and
70% CH3OH by volume fraction at −30 ◦C. A step size of 1.5 μm was used to capture area scans for
NiTi SMA specimens.

3. Mechanical Analysis of NiTi SMA Tube under Radial Loading

The mechanical model of NiTi SMA tube under radial loading can be shown in Figure 2. NiTi
SMA tube is viewed as the thick-walled tube under the action of the pressure p. The deformation
mechanics of NiTi SMA tube belongs to the axisymmetric problem as well as the plane stress problem,
where the axial stress σz is equal to zero without the axial loading, and the radial stress σp and the
tangential stress σθ are irrespective of the axial coordinate axis. Simultaneously, it is assumed that
all the total material particles within NiTi SMA tube experience deformation. σp and σθ are both the
principal stresses due to the absence of shear stresses in NiTi SMA tube.

 

Figure 2. Mechanical model of NiTi SMA tube subjected to radial loading, where p is the pressure,
R the outer radius, r the inner radius, and H the height.

3.1. Geometric Equation between Strain and Displacement

The tangential strain εθ and the radial strain ερ of any point in NiTi SMA tube are expressed as
follows, respectively
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⎧⎪⎪⎨
⎪⎪⎩

ερ =
du
dρ

εθ =
u
ρ

(1)

where u is the displacement of any point along the radius direction in NiTi SMA tube.

3.2. Equilibrium Equation under Static Inner Pressure

By intercepting an element slab in NiTi SMA tube in Figure 2, the equilibrium differential equation
along the radial direction is obtained as follows.

(σρ + dσρ)(ρ + dρ)hdθ − σρhdθ − 2σθ(sin
dθ

2
)hdρ = 0 (2)

By ignoring the high-order items of Equation (2), the following equation can be obtained.

dσρ

dρ
+

σρ − σθ

ρ
= 0 (3)

3.3. Constitutive Equation between Stress and Strain

According to generalized Hooke’s law, the relationship between the stresses and the strains can
be expressed by ⎧⎪⎨

⎪⎩
ερ =

1
E
(σρ − μσθ)

εθ =
1
E
(σθ − μσρ)

(4)

Substitution of Equation (1) into Equation (4) results in
⎧⎪⎪⎨
⎪⎪⎩

du
dρ

=
1
E
(σρ − μσθ)

u
ρ
=

1
E
(σθ − μσρ)

(5)

According to Equation (5), the expressions of σp and σθ can be expressed by

⎧⎪⎪⎨
⎪⎪⎩

σρ =
E

1 − μ2 (
du
dρ

+ μ
u
ρ
)

σθ =
E

1 − μ2 (
u
ρ
+ μ

du
dρ

)
(6)

Substitution of Equation (6) into Equation (3) leads to

d2u
dρ2 +

1
ρ

du
dρ

− u
ρ2 = 1 (7)

The displacement u is obtained as follows by solving Equation (7).

u =
1 − μ

E
r2 pρ

R2 − r2 +
1 + μ

E
r2R2 p

R2 − r2
1
ρ

(8)

Consequently, σp and σθ can be further expressed by
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⎧⎪⎪⎨
⎪⎪⎩

σρ =
r2 p

R2 − r2 − r2R2 p
R2 − r2

1
ρ2

σθ =
r2 p

R2 − r2 +
r2R2 p

R2 − r2
1
ρ2

(9)

The expressions for the radial strain, the tangential strain, and the axial strain εz are determined
as follows.

⎧⎪⎪⎪⎪⎪⎪⎨
⎪⎪⎪⎪⎪⎪⎩

ερ =
1 − μ

E
r2 p

R2 − r2 − 1 + μ

E
r2R2 p

R2 − r2
1
ρ2

εθ =
1 − μ

E
r2 p

R2 − r2 +
1 + μ

E
r2R2 p

R2 − r2
1
ρ2

εz = −μ

E
2r2 p

R2 − r2

(10)

The effective strain ε is expressed as follows.

ε =

√
2

3

√
(ερ − εθ)

2 + (εθ − εz)
2 + (εz − ερ)

2 (11)

The axial stress σz is equal to zero due to the absence of loading along the axial direction.
The effective stress is expressed as follows:

σ =

√
2

2

√
(σρ − σθ)

2 + (σθ − 0)2 + (0 − σρ)
2 =

√
2

2

√
(σρ − σθ)

2 + σθ
2 + σρ

2 (12)

4. Results and Discussion

Figure 3 shows the microstructure of Ni-49.1 at % Ti SMA, which belongs to B2 austenite.
The microstructure of Ni-50 at % Ti SMA is illustrated in Figure 4. It is found from Figure 4 that NiTi
SMA belongs to B19′ martensite, where martensite twins can be captured. Furthermore, the martensite
twins belong to type I twins. It is generally accepted that type I twin plays a crucial role in SME of
NiTi SMA.

 

Figure 3. Transmission electron microscope (TEM) micrographs of Ni-49.1 at % Ti SMA: (a) bright field
image; (b) diffraction pattern of (a).
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Figure 4. TEM micrographs of Ni-50 at % Ti SMA: (a) bright field image; (b) diffraction pattern of (a).

For the purpose of better understanding microstructure and phase composition of NiTi SMA,
EBSD maps of Ni-49.1 at % Ti and Ni-50 at % Ti SMAs are shown in Figures 5 and 6, respectively.
It can be found from Figure 5 that Ni-49.1 at % Ti SMA consists of complete B2 austenite structure.
However, regarding Ni-50 at % Ti SMA, a small amount of residual B2 austenite appears in the matrix
of B19′ martensite. It is generally accepted that the residual B2 austenite phase has little influence on
the mechanical behavior of Ni-50 at % Ti SMA. In other words, the mechanical behavior of Ni-50 at %
Ti SMA is dominated by B19′ martensite rather than B2 austenite. In addition, the distribution of twin
boundaries can be observed in Figure 6a, and the frequency distributions of misorientation angles
between B19′ martensite and B19′ martensite, as well as between B19′ martensite and B2 austenite,
are given in Figure 6b.

Figure 5. Electron back-scattered diffraction (EBSD) maps of Ni-49.1 at % Ti SMA: (a) microstructure;
(b) kikuchi pattern of point B in (a); (c) kikuchi pattern of point C in (a); (d) kikuchi pattern of point D in (a).
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Figure 6. EBSD maps of Ni-50 at % Ti SMA: (a) microstructure; (b) frequency distribution of
misorientation angle.

Figure 7 illustrates compression stress–strain curves of Ni-49.1 at % Ti and Ni-50 at % Ti SMAs,
respectively. In general, in terms of compression loading, NiTi SMA with B2 austenite structure
experiences elastic deformation of austenite, SIM transformation, elastic deformation of SIM, and
plastic deformation of SIM based on dislocation slip [22]. However, in the case of compression
loading, NiTi SMA with B19′ martensite structure undergoes elastic deformation of twinned martensite,
reorientation and detwinning of twinned martensite, elastic deformation of reoriented and detwinned
martensite, and plastic deformation of reoriented and detwinned martensite based on dislocation
slip [23,24].

Figure 7. Compression stress–strain curves of NiTi SMAs: (a) Ni-49.1 at % Ti; (b) Ni-50 at % Ti.

According to the aforementioned mechanical analysis for NiTi SMA tube under radial loading,
it can be accepted that the effective stress σ and the effective strain ε become the two key parameters
that analyze the mechanical behavior of NiTi SMA tube during radial loading. As for NiTi SMA tube
with B2 austenite structure, when the effective stress σ is more than a critical value σsim above which
SIM transformation can be induced, the crystal structure of NiTi SMA is converted from B2 structure
to B19′ structure, as shown in Figure 8. SIM transformation is of great significance in the superelastic
behavior of NiTi SMA. Plastic deformation for dislocation slip—which has an adverse influence on
superelasticity of NiTi SMA—occurs with the further progression of radial loading. As for NiTi SMA
tube with B19′ martensite structure, when the effective stress σ is greater than a critical value σrd above
which reorientation and detwinning of twinned martensite is capable of arising, the crystal structure
of NiTi SMA remains as B19′ martensite, but the orientation of crystal exhibits a significant change,
as shown in Figure 9. Reorientation and detwinning of twinned martensite lays a profound foundation
for SME of NiTi SMA. With the further progression of radial loading, the plastic deformation of
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reoriented and detwinned martensite for dislocation slip occurs, which has a negative impact on the
SME of NiTi SMA. Consequently, dislocation slip should be avoided for NiTi SMA tube undergoing
radial loading in order to guarantee the perfect SME of NiTi SMA tube.

So far, because of the limitation of experimental techniques, SIM transformation of NiTi SMA
tube under radial loading has been unable to be validated by means of experimental observation.
Martensitic reorientation and detwinning of NiTi SMA tube subjected to radial loading should be
observed experimentally in the future.

Figure 8. Schematic diagram of crystal structure evolution of NiTi SMA tube subjected to stress-induced
martensite (SIM) transformation.

Figure 9. Schematic diagram of crystal structure evolution of NiTi SMA tube subjected to martensite
reorientation and detwinning.
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5. Conclusions

(1) A new radial loading mode is put forward for NiTi SMA tube, where NiTi SMA tube is
subjected to the inner pressure which results from plastic deformation of the steel cylinder. The effective
stress σ and the effective strain ε are regarded as the two key parameters that analyze the mechanical
behavior of NiTi SMA tube during radial loading. As for NiTi SMA tube with B2 austenite structure,
when the effective stress σ is more than a critical value σsim above which SIM transformation can be
induced, the crystal structure of NiTi SMA is converted from B2 structure to B19′ structure. As for
NiTi SMA tube with B19′ martensite structure, when the effective stress σ is more than a critical
value σrd above which reorientation and detwinning of twinned martensite is capable of arising,
the crystal structure of NiTi SMA remains as B19′ martensite, but the crystal orientation exhibits a
significant change.

(2) When NiTi SMA tube is subjected to radial loading, SIM transformation is of great significance
in the superelasticity of NiTi SMA, and reorientation and detwinning of twinned martensite lays a
profound foundation for the SME of NiTi SMA. Plastic deformation for dislocation slip has an adverse
influence on the superelasticity and SME of NiTi SMA tube. Because of the limitation of experimental
techniques, SIM transformation of NiTi SMA tube under radial loading has been unable to be validated
by means of TEM observation since shape recovery of NiTi SMA tube can occur after unloading.
Martensitic reorientation and detwinning of NiTi SMA tube subjected to radial loading should be
observed by means of TEM techniques, since shape recovery of NiTi SMA tube cannot occur after
unloading. We will perform the corresponding investigation in the future.
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Abstract: Infrared dissimilar joining Ti50Ni50 and 316L stainless steel using Cu foil in between
Cusil-ABA and BAg-8 filler metals has been studied. The Cu foil serves as a barrier layer with
thicknesses of 70 μm and 50 μm, and it successfully isolates the interfacial reaction between Ti and
Fe at the 316L SS (stainless steel) substrate side. In contrast, the Cu foil with 25 μm in thickness is
completely dissolved into the braze melt during brazing and fails to be a barrier layer. A layer of
(CuxNi1−x)2Ti intermetallic is formed at the Ti50Ni50 substrate side, and the Cu interlayer is dissolved
into the Cusil-ABA melt to from a few proeutectic Cu particles for all specimens. For the 316L SS
substrate side, no interfacial layer is observed and (Ag, Cu) eutectic dominates the brazed joint
for 70 μm/50 μm Cu foil. The average shear strength of the bond with Cu barrier layer is greatly
increased compared with that without Cu. The brazed joints with a 50 μm Cu layer demonstrate the
highest average shear strengths of 354 MPa and 349 MPa for samples joined at 820 ◦C and 850 ◦C,
respectively. Cracks are initiated/propagated in (Ag, Cu) eutectic next to the 316L substrate side
featured with ductile dimple fracture. It shows great potential for industrial application.

Keywords: shape memory alloy; stainless steel; barrier layer; infrared brazing; microstructure

1. Introduction

Equal atomic TiNi shape memory alloy (SMA) is one of the best and intensively studied SMAs
with excellent shape memory properties [1,2]. At present, equiatomic TiNi SMA has many industrial
applications, such as mechanical actuators and micro sensors in intelligent material systems [3,4]. AISI
(American Iron and Steel Institute) 316L stainless steel (316L SS) has the chemical composition in
wt % of Fe-0.03C-17Cr-12Ni-2.5Mo and exhibits high oxidation and corrosion resistance [5]. Joining of
Ti50Ni50 SMA and 316L SS has the opportunity for industrial applications. For instance, shape-memory
actuators are used to replace exploding bolts utilized in petrochemical equipment and nuclear power
plants [6]. The shape-memory actuator is joined with an infrastructure made of stainless steel
or nickel-based alloy. In our reported study, dissimilar joining of Ti50Ni50 SMA and 316L SS by
infrared brazing using two Ag-based filler metals, Ticusil (Ag-26.7Cu-4.5Ti, wt %) and Cusil-ABA
(Ag-35.25Cu-1.75Ti, wt %), was evaluated [6]. Test results demonstrated that the maximum joining
strength of 237 MPa shear stress can be obtained for Ticusil filler brazed at 950 ◦C for 60 s, and 66 MPa
for Cusil-ABA one joined at 870 ◦C for 300 s. The formation of Ti-Fe-(Cr) interfacial layer was found to
be detrimental to all joint strengths [6].

Dissimilar joining of Ti and many engineering alloys has been extensively studied in recent
years [7–9]. Titanium (Ti) alloys directly bonded to SS will form TiFe/TiFe2 intermetallics and result
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in inherent brittleness of the joint [10–12]. For avoiding the occurrence of brittle intermetallics,
an interlayer of diffusion barrier was proposed to add in between the joining substrates [13–15].
A nickel interlayer with 30 μm in thickness had been used as a diffusion barrier in diffusion bonding
of 304 SS and Ti-6Al-4V, so a robust joint was obtained [16]. A nickel barrier layer was also used to
braze 17-4 PH (precipitation hardened) SS and Ti-6Al-4V successfully [17]. However, although the
nickel interlayer can avoid the formation of brittle TiFe/TiFe2 intermetallics in brazing the Ti alloy and
SS, but another brittle one, such as TiNi3, can occur in the joint. Therefore, the nickel interlayer may be
not the best choice for the diffusion barrier in brazing Ti50Ni50 SMA and 316L SS, because Ti50Ni50

substrate can provide Ti and Ni atoms to enhance the brittle Ti-Ni intermetallic(s) to form.
It is well known that the solubility of Fe in Cu is very low [18]. In addition, the interfacial reaction

of Ti50Ni50 SMA and Cusil-ABA/Ticusil filler metals forms a TiNiCu intermetallic in the Ti50Ni50

substrate side, and this intermetallic is regarded as not so brittle [6,19]. Thus, an interlayer of Cu
foil can be selected as a diffusion barrier in between Cusil-ABA and BAg-8 filler metals to prevent
the interaction between Ti and Fe atoms in brazing Ti50Ni50 SMA and 316L SS. The Cusil-ABA filler
metal has good wettability with Ti50Ni50 SMA and thus is chosen to contact with Ti50Ni50 substrate [6].
BAg-8 filler metal is selected to neighbor the 316L SS substrate due having no Ti atom to form brittle
Ti-Fe intermetallic(s) at the 316L SS substrate side, although the wettability of BAg-8 one with 316L SS
is not so good [20].

The alloys’ joining brazed by an infrared power source can quickly heat up the specimen with
a maximum heating rate of 50 ◦C/s, and it is much faster than that of ordinary electric furnace [21,22].
Under the condition of temperature being precisely controlled, the joining process by infrared brazing
is quite suitable to investigate the early-stage evolution of the reaction kinetics exhibited in the brazed
joint. Therefore, microstructural evolution, metallurgical reaction, and bonding strength of brazed
joints under different brazing variables have been extensively evaluated.

2. Materials Used and Experimental Procedure

Equal atomic TiNi SMA used in the experiment was prepared from titanium and nickel pellets
(both with 99.9 wt % purity) with six times remelting in the vacuum arc remelter (Series 5 Bell
Jar, Centorr Vacuum Ind., Nashua, NH, USA) under pure argon gas. The solution-treated Ti50Ni50

sample was cut by a diamond saw into small templates at a size of 15 mm × 15 mm × 3 mm for
metallographical observations, and 15 mm × 7 mm × 4 mm for shear tests. The surface used for
brazing was ground and polished by SiC papers and Al2O3 suspension solution, and then cleaned in
an ultrasonic acetone container. Foils of Cusil-ABA, BAg-8, and Cu fillers were all purchased from
Wesgo Metals (Hayward, CA, USA), and the former two foils’ thickness was 50 μm and those of Cu
foils were 25 μm, 50 μm, and 75 μm for comparison. Table 1 lists chemical compositions and melting
temperatures of three filler foils.

In the experiment, infrared heating was used to braze Ti50Ni50 SMA and 316L SS using a Cu
barrier layer in between Cusil-ABA (active braze alloy) and BAg-8 filler metals, as shown in Figure 1.
An infrared heating furnace made from ULVAC Company (Tokyo, Japan) with the model of RHL-P816C
was utilized as the main component. The furnace was kept at 5 × 10−5 mbar vacuum and set at 15 ◦C/s
heating rate in the test. Figure 2 shows the schematic diagram of infrared brazing furnace. Graphite
holders on both substrates were used to increase the infrared ray absorption on the specimen. The
dissimilar brazed sample was preheated at 700 ◦C for 300 s before infrared brazing in order to
equilibrate thermal gradient of the brazed sample. 820 ◦C and 850 ◦C for 300 s were selected as the
brazing condition.
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Table 1. Compositions and melting behaviors of three filler foils.

Braze Foil Cusil-ABA BAg-8 Copper

Chemical composition 63Ag-35.25Cu-1.75Ti (wt %) 72Ag-28Cu (wt %) 99.95% purity (wt %)
Solidus temperature 780 ◦C 780 ◦C 1083 ◦C

Liquidus temperature 815 ◦C 780 ◦C 1083 ◦C

 

Figure 1. The schematic diagram shows the infrared brazed Ti50Ni50 SMA/Cusil-ABA/Cu
foil/BAg-8/316L SS joint. Thicknesses of the copper foils are 25, 50, 70 μm and those of Cusil-ABA and
BAg-8 filler metals are 50 μm; SMA: shape memory alloy; ABA: active braze alloy.

Figure 2. The schematic diagram of infrared brazing furnace.

To evaluate joint strength of the brazed sample in this study, shear tests were conducted with three
specimens being performed in each brazing condition. According to our past experience, a double
lap joint of 316L SS/Ti50Ni50/316L SS was used in shear test [21,22]. A Shimadzu universal testing
machine with AG-10 model was used to conduct shear tests with a strain rate of 0.0167 mm/s. For the
microstructural observations, the cross-section of infrared brazed joints were cut and then prepared by
standard metallographic procedures, thereafter examined using a scanning electron microscope (SEM)
with NOVA NANO 450 model.
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3. Experimental Results and Discussion

3.1. Microstructures of Brazed Joints

Figure 3 and Table 2 show the cross-sectional results of SEM backscattered election images (BEIs)
and energy dispersive spectroscope (EDS) chemical analysis results of Ti50Ni50/Cusil-ABA/70 μm Cu
foil/BAg-8/316L SS specimens brazed by infrared rays at 820 ◦C for 300 s. In EDS analyses, the electron
beam in a point with 1 μm in diameter was used for all single phase analysis, and a larger beam
diameter of 5 μm was applied for eutectic analysis as marked by D in Figure 3. Figure 3a illustrates the
cross-sectional SEM BEIs results, in which the area on the Ti50Ni50 side and that on the 316L SS side are
displayed in Figure 3b,c, respectively. From Figure 3a, the thickness of the Cu interlayer is about 70 μm
(labelled by C and F). The layer marked by C in the left side of the Cu interlayer contains 90.5 at %
Cu and has some Cu atoms dissolved into Cusil-ABA melt to form the proeutectic Cu (labelled by G
in Figure 3b). Figure 3b indicates that a layer of (CuxNi1−x)2Ti intermetallic (labelled by B) is formed
at the interface of Cusil-ABA filler and Ti50Ni50 base metal. It is similar to the Ti50Ni50 side of 316L
SS/Cusil-ABA/Ti50Ni50 joint brazed by infrared rays at 870 ◦C and 900 ◦C for 300 s [6]. In contrast,
there is no interaction layer formed in between the BAg-8 braze and the 316L SS substrate, as displayed
in Figure 3c. The Cu interlayer is dissolved into both molten brazes resulting in irregular interfaces
among Cu and two brazes.

Figure 3. SEM (scanning electron microscope) backscattered electron images (BEIs) of Ti50Ni50/
Cusil-ABA/70 μm Cu foil/BAg-8/316L SS specimen infrared brazed at 820 ◦C for 300 s: (a) the
cross-section; (b) the Ti50Ni50 substrate side; (c) the 316L SS substrate side.

Table 2. EDS chemical analysis results in Figure 3.

at % A B C D E F G

Ti 49.8 30.7 3.9 - - - 2.5
Cu - 51.6 90.5 47.2 - 100 89.3
Ni 50.2 17.7 - - 10.8 - -
Fe - - - - 68.1 - -
Ag - - 5.6 52.8 - - 8.2
Cr - - - - 21.1 - -

Phase Ti50Ni50 (CuxNi1−x)2Ti Cu-rich Ag-Cu eutectic 316L Cu Cu-rich
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The thickness effect of the Cu barrier layer on the infrared brazed joint was studied. Figure 4
displays SEM BEIs cross sections of Ti50Ni50/Cusil-ABA/Cu/BAg-8/316L SS specimens brazed by
infrared rays at 850 ◦C for 300 s with various thicknesses of the Cu interlayer. From Figure 4a, one can
find that the continuous Cu barrier layer disappears and replaced by many huge proeutectic Cu-rich
blocks. In contrast, the thickness of Cu barrier layer above 50 μm is enough to isolate the interaction
between Ti50Ni50 and 316L SS, as illustrated in Figure 4b,c. The dissolution of Cu barrier layer into
Cusil-ABA melt becomes more prominent in Figure 4c than that in Figure 3a due to the higher brazing
temperature. Additionally, one can find that the width of BAg-8 melt (in the right side of the Cu
interlayer) in Figure 4c is less than that in Figure 3a, since BAg-8 melt flows out of the joint during
brazing at a higher temperature. According to Table 1, the BAg-8 eutectic temperature is less than the
liquidus temperature of Cusil-ABA braze. The width of BAg-8 filler is significantly decreased with
increasing the brazing temperature.

Figure 4. SEM BEI cross sections of Ti50Ni50/Cusil-ABA/Cu/BAg-8/316L SS specimens infrared
brazed at 850 ◦C for 300 s with the Cu interlayer of (a) 25 μm; (b) 50 μm; (c) 70 μm. (TiNi: Ti50Ni50

substrate, 316: 316L SS substrate).

Figure 5 and Table 3 illustrate the cross-sectional results of SEM BEIs and EDS chemical analyses
of Ti50Ni50/Cusil-ABA/25 μm Cu foil/BAg-8/316L SS specimen brazed by infrared rays at 850 ◦C
for 300 s. Figure 5a,b indicate the area on the Ti50Ni50 side and that on 316L SS side, respectively.
In Figure 5a, a (CuxNi1−x)2Ti intermetallic layer (labelled by B) is formed at the Ti50Ni50 side which
is similar to that in Figure 3b [6,20,22]. The silver penetrated into the (CuxNi1−x)2Ti layer is also
observed. According to Figure 5b, two interfacial layers are formed at the 316L SS side, one is Ti(Fe, Ni)
intermetallic layer (labelled by D), and the other is regarded as a layer of (Fe, Cr)-rich phase (labelled
by E) [6]. The existence of continuous Ti(Fe, Ni) reaction layer will be discussed later. Both D and E
layers have silver agglomerations (white spots in Figure 5b) with the layer E having more. In addition,
there is a TiCu precipitate in the braze, as labelled by G in Figure 5b [19]. The existence of the Ti-Fe
interfacial layer in Figure 5b is quite dissimilar to that in Figure 3c. Because the 25 μm Cu barrier
layer is completely dissolved into the braze melt, Ti atoms transport into the 316L SS side forming the
interfacial Ti(Fe, Ni) intermetallic layer [6].

Figure 6 and Table 4 display the cross-sectional inspection of SEM BEIs and EDS analyses of
Ti50Ni50/Cusil-ABA/50 μm Cu foil/BAg-8/316L SS specimen brazed by infrared rays at 850 ◦C
for 300 s. Interfacial reactions shown in Figure 6 are similar to those in Figure 3. Additionally, the
experimental results of the infrared brazed Ti50Ni50/Cusil-ABA/Cu foil/BAg-8/316L SS joint with
70 μm thickness of the Cu foil at 850 ◦C are similar to those of the 50 μm one illustrated in Figure 6,
and therefore are not shown here.

53

Bo
ok
s

M
DP
I



Metals 2017, 7, 276

Figure 5. SEM BEI cross sections of Ti50Ni50/Cusil-ABA/25 μm Cu foil/BAg-8/316L SS specimen
infrared brazed at 850 ◦C for 300 s: (a) the Ti50Ni50 substrate side; (b) the 316L SS substrate side. (TiNi:
Ti50Ni50 substrate, 316L: 316L SS substrate).

Table 3. EDS chemical analysis results in Figure 5.

at % A B C D E F G

Ti 50.2 31.6 2.2 40.0 9.9 - 50.1
Cu - 49.8 92.6 4.8 - - 46.4
Ni 49.8 18.6 - 12.7 3.3 10.5 3.5
Fe - - - 37.0 56.1 69.1 -
Ag - - 5.2 2.9 9.1 - -
Cr - - - 2.6 21.6 20.4 -

Phase Ti50Ni50 (CuxNi1−x)2Ti Cu-rich Ti(Fe, Ni) (Fe, Cr)-rich 316L TiCu

Figure 6. SEM BEI cross sections of Ti50Ni50/Cusil-ABA/50 μm Cu foil/BAg-8/316L SS specimen
infrared brazed at 850 ◦C for 300 s: (a) the Ti50Ni50 substrate side; (b) the 316L SS substrate side. (TiNi:
Ti50Ni50 substrate, 316L: 316L SS substrate).

Table 4. EDS chemical analysis results in Figure 6.

at % A B C D E F

Ti 49.7 30.6 - - - 4.5
Cu - 48.6 100 27.7 - 90.4
Ni 50.3 20.8 - - 13.1 -
Fe - - - - 68.9 -
Ag - - - 72.3 - 5.1
Cr - - - - 18.0 -

Phase Ti50Ni50 (CuxNi1−x)2Ti Cu Ag-Cu eutectic 316L Cu-rich

3.2. Microstructures of the Brazed Joints

Phase identification using the EDS chemical analysis results was assisted by related phase
diagrams and citing references. From Figure 3, Figure 5, Figure 6 and Tables 2–4, a continuous
layer of the (CuxNi1−x)2Ti intermetallic, as labelled by B, is formed at the interface between Ti50Ni50

substrate and Cusil-ABA filler. Based on Ti-Cu-Ni ternary phase diagram isothermally sectionalized at
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870 ◦C, the stoichiometric composition of this intermetallic layer is near the TiCuNi compound [19].
It is a nonstoichiometric compound, and can be indicated by (CuxNi1−x)2Ti with x ranging from 0.23 to
0.75 [19]. The EDS chemical analyses of layer B indicated in Tables 2–4 are in accordance with Ti-Cu-Ni
diagram [18].

From Figure 5b, there are two continuous layers observed at the interface between 316L SS and
the braze. One is the Ti(Fe, Ni) intermetallic layer labelled by D, and the other is the (Fe, Cr)-rich
layer indicated by E. Figure 7 illustrates the Fe-Ni-Ti phase diagram isothermally sectionalized at
900 ◦C [19,23]. The Ti50Ni50 substrate dissolved into the braze melt causes high Ni and Ti contents in
it. The complete dissolution of 25 μm Cu barrier layer makes the Ti and Ni ingredients readily react
with the 316L SS substrate in brazing, and yields a continuous reaction layer of Ti(Fe, Ni) intermetallic.
According to Figure 7, the composition of layer D is regarded as the TiFe intermetallic compound
alloyed with Ni. The layer E shown in Figure 5b, which is next to the 316L SS substrate, contains
about 56% Fe, 22% Cr, 3% Ni, 9% Ag, and 10% Ti (in at %). The transport of Ti from the Ti50Ni50

substrate and Cusil-ABA melt now acts as an active brazing element to react with the surface of 316L
SS substrate. Thereafter, Ti, Ag, and Ni atoms interact with 316L SS substrate to form a (Fe, Cr)-rich
layer solid-solution alloyed with Ag, Ti, and Ni. In addition, some Ag atoms are not alloyed into (Fe,
Cr)-rich phase, and form white Ag-rich precipitates in layer E (Figure 5b).

 
Figure 7. Isothermal section of Fe-Ni-Ti ternary phase diagram at 900 ◦C [19,23].

3.3. The Shear Strengths of Brazed Joints

Table 5 indicates average shear strengths of the Ti50Ni50/Cusil-ABA/Cu foil/BAg-8/316L SS
joints with different Cu barrier layers brazed by infrared rays under different brazing conditions. For
comparison, the shear strengths of Ti50Ni50/Cusil-ABA or Ticusil/316L SS joint without the Cu barrier
layer infrared brazed at 870 ◦C for 300 s or at 950 ◦C for 60 s, respectively, are also tabulated [6]. From
Table 5, average shear strengths of the specimens with 50 μm Cu foil can reach 354 MPa for brazing at
820 ◦C for 300 s and 349 MPa for brazing at 850 ◦C for 300 s. These values are significantly increased as
compared with those without the Cu barrier layer, as indicated in Table 5.
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Table 5. Average shear strengths of infrared brazed Ti50Ni50 SMA and 316L SS joints.

Filler Metal
Brazing

Temperature
Brazing Time

Copper Foil
Thickness

Average Shear
Strength

Cusil-ABA/Cu
foil/BAg-8

820 ◦C 300 s
25 μm 140 ± 3 MPa
50 μm 354 ± 35 MPa
70 μm 292 ± 37 MPa

850 ◦C 300 s
25 μm 236 ± 38 MPa
50 μm 349 ± 21 MPa
70 μm 211 ± 39 MPa

Cusil-ABA * 870 ◦C 300 s - 66 ± 15 MPa

Ticusil * 950 ◦C 60 s - 237 ± 16 MPa

* From reference [6] in which the thickness of the filler metal is 50 μm.

All brazed joints failed along the interface between BAg-8 braze and 316L substrate. Figure 8a
illustrates the cross-sectional results of SEM BEIs and the SEI fractograph of the fractured
Ti50Ni50/Cusil-ABA/25 μm Cu foil/BAg-8/316L SS joined at 850 ◦C for 300 s. The brazed specimen
failed along the interfacial reaction layer of Ti(Fe, Ni) (labelled by D in Figure 5b) next to the 316L
SS substrate side. The SEM SEI fractograph shown in Figure 8a is features brittle fracture, and
the EDS analysis result is consistent with that of layer D in Figure 5b. Figure 8b illustrates the
cross-sectional results of SEM BEIs and the SEI fractograph of the fractured Ti50Ni50/Cusil-ABA/50 μm
Cu foil/BAg-8/316L SS joined at 850 ◦C for 300 s. Different from Figure 8a, the fracture appearing
in the brazed specimen is along the (Ag, Cu) eutectic (labelled by D in Figure 6b) near the 316L SS
substrate side. The fracture of fine (Ag, Cu) eutectic, as shown in Figure 6b, results in many miniature
dimples in Figure 8b. For the specimen with 70 μm Cu foil, the brazed joint is fractured along the (Ag,
Cu) eutectic next to the 316L SS substrate side as shown in Figure 8c. A few solidification voids are
observed from the fractured surface.

 

Figure 8. SEM BEI cross-sections and SEI fractographs of Ti50Ni50/Cusil-ABA/Cu foil/BAg-8/316L
SS joint infrared brazed at 850 ◦C for 300 s after shear test with the Cu interlayer of (a) 25; (b) 50; and
(c) 70 μm in thickness. (TiNi: Ti50Ni50 substrate, 316L: 316L SS substrate).
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Shear strengths revealed in Table 5 indicate that the optimal thickness of the Cu barrier layer
is 50 μm. The Cu barrier foil 25 μm in thickness is dissolved into the melt during brazing, and
a continuous Ti(Fe, Ni) interfacial layer next to the 316L SS substrate side is formed which is the
fracture location in shear test. In addition, the BAg-8 filler metal brazed at 820 ◦C is not high enough
to sufficiently wet the 316L SS substrate. These reasons cause the brazed joint with 25 μm Cu foil
to have a lower shear strength than that with 50 μm foil, especially the joint brazed at 820 ◦C. Shear
strength of the joint with 50 μm Cu foil demonstrates the highest joint strength due to the presence of
very fine (Ag, Cu) eutectic and free of interfacial Ti(Fe, Ni) reaction layer. The shear strength of the
joint with 70 μm Cu foil is lower than that of 50 μm one. The BAg-8 melt is easier to flow out of the
joint during brazing than the Cusil-ABA one. The width of BAg-8 braze melt in 70 μm Cu foil is much
less than that in 50 μm one, as compared between Figure 8b,c. Because solidification shrinkage voids
are prone to be formed in the joint with the 70 μm Cu layer, the joint’s shear strength is deteriorated.
Shear test is the first stage in evaluating bonding strength of the brazed joint. Dynamic tests, such as
fatigue testing, of such a brazed joint will be performed in the future in order to evaluate the effect of
interfacial intermetallics on the reliability of the brazed joint.

4. Conclusions

Shear strength and microstructural evolution of Ti50Ni50 SMA/Cusil-ABA/Cu foil/BAg-8/316L
SS joints brazed by infrared rays at 820 ◦C and 850 ◦C for 300 s with the Cu foil as the diffusion barrier
have been investigated. The introduction of the Cu barrier layer shows great potential in joining
Ti50Ni50 SMA and 316L SS for industrial application. Important conclusions are as follows:

1. The Cu foil serves as a barrier layer at thicknesses of 70 μm and 50 μm, and it successfully isolates
the interfacial reaction between Ti and Fe at the 316L SS substrate side. In contrast, the Cu foil
with 25 μm in thickness is completely dissolved into the braze melt during brazing and fails to be
a barrier layer.

2. A layer of (CuxNi1−x)2Ti intermetallic is formed at the Ti50Ni50 substrate side, and the Cu
interlayer is dissolved into the Cusil-ABA melt to from a few proeutectic Cu particles for
all specimens. For the 316L SS substrate side, no interfacial layer is observed and (Ag, Cu)
eutectic dominates the brazed joint for 70 μm/50 μm Cu foil. However, an interfacial Ti(Fe, Ni)
intermetallic layer and (Fe, Cr)-rich layer are formed in the brazed joint with the 25 μm Cu layer.

3. The joint with the 50 μm Cu barrier layer demonstrates the best average shear strengths of 354 MPa
and 349 MPa for samples brazed at 820 ◦C and 850 ◦C, respectively. All specimens are fractured
along the interface between the BAg-8 braze and 316L SS side. Cracks are initiated/propagated
in (Ag, Cu) eutectic for the 70 μm and 50 μm thickness Cu foils and at the interfacial Ti(Fe,
Ni) reaction layer for the 25 μm foil. The formation of a brittle Ti(Fe, Ni) intermetallic layer
deteriorates the bonding strength of the joint.
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Abstract: Deformation behavior and microstructure evolution of NiTiCu shape memory alloy (SMA),
which possesses martensite phase at room temperature, were investigated based on a uniaxial
compression test at the temperatures of 700~1000 ◦C and at the strain rates of 0.0005~0.5 s−1.
The constitutive equation of NiTiCu SMA was established in order to describe the flow characteristic of
NiTiCu SMA, which is dominated by dynamic recovery and dynamic recrystallization. Dislocations
become the dominant substructures of martensite phase in NiTiCu SMA compressed at 700 ◦C.
Martensite twins are dominant in NiTiCu SMA compressed at 800 and 900 ◦C. Martensite twins are
not observed in NiTiCu SMA compressed at 1000 ◦C. The microstructures resulting from dynamic
recovery or dynamic recrystallization significantly influences the substructures in the martensite
phase of NiTiCu SMA at room temperature. Dislocation substructures formed during dynamic
recovery, such as dislocation cells and subgrain boundaries, can suppress the formation of twins in
the martensite laths of NiTiCu SMA. The size of dynamic recrystallized grains affects the formation
of martensite twins. Martensite twins are not easily formed in the larger recrystallized grain, since the
constraint of the grain boundaries plays a weak role. However, in the smaller recrystallized grain,
martensite twins are induced to accommodate the transformation from austenite to martensite.

Keywords: shape memory alloy; NiTiCu alloy; constitutive behavior; phase transformation; microstructure

1. Introduction

NiTi shape memory alloys (SMAs) have deserved increasing attention in the engineering field
because they have shape memory effect [1]. With a view to widening the application of NiTi SMA in
the domain of engineering, third elements are added to the binary NiTi SMA in order to change the
transformation temperature or hysteresis [2–6]. For example, Cu element is added to binary NiTi SMA
so as to significantly lower the phase transformation hysteresis, which lays the foundation for the
application of an actuator or micro-electro-mechanical system (MEMS) [7,8]. As a consequence, over
the last few decades, many researchers have paid more attention to NiTiCu SMAs [9–12]. It is well
known that plastic deformation substantially influences the microstructures and transformation
behavior of NiTi-based SMAs [13,14]. In particular, thermomechanical processing, especially plastic
working, is an important step in manufacturing NiTi-based SMA products [15]. Consequently,
it is very important to understand deformation behavior as well as microstructural evolution of
NiTi-based SMAs at high temperatures [16–20]. Up to date, many scholars have devoted themselves
to studying the flow behavior of NiTi-based SMAs at high temperatures based on the Arrhenius-type
constitutive equation [21–25], which lays the foundation for clarifying deformation mechanisms of
NiTi-based SMAs.
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In the present study, the deformation behavior and microstructure evolution of Ni45Ti50Cu5 (at %)
SMA were investigated based on a uniaxial compression test, where the temperatures range from
700 to 1000 ◦C and the strain rates range from 0.0005 to 0.5 s−1. In particular, the Ni45Ti50Cu5 SMA
of interest possesses martensite phase at room temperature. Therefore, it is of great significance to
investigate the deformation behavior and microstructure evolution of Ni45Ti50Cu5 SMA.

2. Materials and Methods

As-rolled Ni45Ti50Cu5 (at %) SMA bar with a diameter of 30 mm was commercially received from
Xi’an Saite Metal Materials Development Co., Ltd. (Xi’an, China). The phase transformation of the
as-rolled NiTiCu SMA was measured using Pyris Diamond type differential scanning calorimetry
(DSC, Perkin Elmer Inc., Waltham, MA, USA). The DSC test was carried out in the range of
−150~150 ◦C, where the heating and cooling steps were 10 ◦C/min. The DSC curve of the as-rolled
NiTiCu SMA can be found in Reference [26]. The phase transformation temperatures of the as-rolled
NiTiCu SMA were as follows: Ms = 53.8 ◦C, Mf = 8.3 ◦C, As = 73.1 ◦C and A f = 113.5 ◦C.

NiTiCu SMA samples, which possess a height of 9 mm and a diameter of 6 mm,
were electro-discharge machined from the as-rolled NiTiCu SMA bar. Subsequently, they were used
for the compression test. An INSTRON-5500R universal material testing machine (Instron Corporation,
Norwood, MA, USA) was used for implementing the compression tests. The NiTiCu SMA samples
were compressed by the deformation extent of 60%, where the temperatures range from 700 to
1000 ◦C and the strain rates range from 0.0005 to 0.5 s−1. Subsequently, all of the compressed
NiTiCu SMA specimens were put into ice water for the purpose of guaranteeing complete martensite
phase transformation.

As for the as-rolled and compressed NiTiCu SMA samples, the microstructures were captured
by transmission electron microscopy (TEM). The NiTiCu SMA samples used for TEM observation
were made into foils with the thickness of 70 μm by means of mechanical grinding. Subsequently,
the foils were thinned by twin-jet polishing in an electrolyte which is composed of 6% HClO4,
34% CH3(CH2)3OH, and 60% CH3OH by volume fraction. Finally, the NiTiCu SMA samples for
TEM observation were characterized by virtue of an FEI TECNAI G2 F30 microscope (FEI Corporation,
Hillsboro, OR, USA). TEM observation results indicate that the substructure of martensite phase
contains martensite laths and martensite twins, as shown in Figure 1.

 

Figure 1. Transmission electron microscope (TEM) micrographs of as-rolled NiTiCu shape memory
alloy (SMA): (a) Bright field image indicating martensite twins; (b) Bright field image indicating
martensite laths.
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3. Results and Discussion

3.1. Deformation Behavior of NiTiCu SMA

Figure 2 indicates the true stress-strain curves of NiTiCu SMA undergoing uniaxial compression
at the temperatures ranging from 700 to 1000 ◦C and the strain rates ranging from 0.0005 to 0.5 s−1.
As can be seen in Figure 3, the flow stress of NiTiCu SMA increases with increasing strain rate.
Furthermore, elevating the temperature contributes to lowering the flow stress of NiTiCu SMA. It can
be noted from the stress-strain curves of NiTiCu SMA that dynamic recovery (DRV) or dynamic
recrystallization (DRX) can occur during compression deformation.

Figure 2. True stress-strain curves of NiTiCu SMA undergoing uniaxial compression at various strain
rates and temperatures: (a) 700 ◦C; (b) 800 ◦C; (c) 900 ◦C; (d) 1000 ◦C.

 

Figure 3. Determination of material constants by means of fitting method based on experimental data:
(a) Solving the value of n; (b) Solving the value of β; (c) Modifying the value of n; (d) Solving the value of Q.
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Based on the stress-strain curves of NiTiCu SMA at high temperatures, it can be found that
the plastic flow of NiTiCu SMA at high temperatures is dependent on the strain rates as well as
the deformation temperatures. As a consequence, the constitutive equation of NiTiCu SMA at high
temperatures is established according to the Arrhenius type equation [22–25], namely:

.
ε = A[sinh(ασ)]n exp(− Q

RT
) (1)

where
.
ε is the strain rate, σ the flow stress, T the absolute temperature, Q the activation energy, R the

universal gas constant (8.314 J·mol−1·K−1), and A, α and n the material constants.
At a low stress level, Equation (1) is approximately expressed by:

.
ε = A1σn exp

(
− Q

RT

)
, ασ ≤ 0.83373 (2)

where A1 is still a material constant and A1 = Aαn.
At a high stress level, Equation (1) is approximately simplified as:

.
ε = A2 exp(βσ) exp

(
− Q

RT

)
, ασ ≤ 1.60944 (3)

where A2 and β remain the material constants and A2 = A
2n , β = nα.

It is generally accepted that the Zener-Hollomon parameter Z, which is viewed as the function of
strain rate and temperature, can be expressed as follows:

Z =
.
ε exp

(
Q

RT

)
(4)

Substituting the parameter Z into Equation (1) leads to:

Z = A[sinh(ασ)]n (5)

The following equation can be obtained by transforming Equation (5):

σ =
1
α

ln

⎧⎪⎨
⎪⎩
(

Z
A

) 1
n
+

√√√√(
Z
A

) 2
n
+ 1

⎫⎪⎬
⎪⎭ (6)

As a consequence, Equation (6) is the constitutive equation which is expressed by the parameter Z.
The constitutive equation of NiTiCu SMA can be obtained after the values of A, α, n, and Q can

be determined on the basis of the experimental data. In the present work, the peak stress is used to
determine the corresponding parameters, as shown in Table 1.

Table 1. Peak stress of NiTiCu SMA at the various strain rates and deformation temperatures (MPa).

.
ε/s−1 ln

.
ε

T/K

973 1073 1173 1273

0.0005 −7.6009 80.878 50.8828 33.95 23.8579
0.005 −5.2983 114.8027 79.0071 56.1214 46.1041
0.05 −2.9957 156.7221 109.9611 85.8336 61.5655
0.5 −0.6931 229.1717 160.2669 118.3127 98.6517

To solve the value of n, the following equation can be obtained by employing the natural logarithm
for Equation (2):
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ln
.
ε = ln A1 + n ln σ − Q

RT
(7)

According to Equation (7), the value of n can be obtained by means of the linear fitting method on
the basis of experimental data, as shown in Figure 3a. The value of n is determined as 5.7988.

Prior to obtaining the value of α, the value of β needs to be determined by employing the natural
logarithm of Equation (3), and consequently the following equation is obtained:

ln
.
ε = ln A2 + βσ − Q

RT
(8)

In the same manner, the value of n can be obtained by virtue of the linear fitting method
on the basis of experimental data, as shown in Figure 3b. As a consequence, the value of β is
calculated as 0.07059. Finally, according to the values of n and β, the value of α can be determined as
α = β/n = 1.217 × 10−2 MPa.

In order to further modify the value of n, the following equation can be obtained by employing
the natural logarithm of Equation (1):

ln
.
ε = ln A + n ln[sinh(ασ)]− Q

RT
(9)

Similarly, the value of n can be modified as 4.1318 according to the linear fitting method on the
basis of experimental data, as shown in Figure 3c.

For the purpose of obtaining the value of Q, in the case of the given strain rates, the following
equation can be obtained by differentiating T−1 in Equation (9):

Q = nR
(

∂ ln[sinh(ασ)]

∂T−1

)
.
ε

(10)

The value of Q can be determined as 198.84 × 103 J·mol−1 by combining the modified value of n
and the value of R with the fitting value derived from Figure 3d.

For the purpose of obtaining the value of A, the following equation can be obtained by employing
the natural logarithm of Equation (5):

ln Z = ln A + n ln[sinh(ασ)] (11)

According to Equation (11), the value of ln A can be determined as 16.3994 based on the
experimental data, as shown in Figure 4, and consequently the value of A is further calculated
to be 1.3249 × 107.

 
Figure 4. Determination of material constant A based on the relationship between ln Z and ln[sinh(ασ)].
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As a consequence, the constitutive equation of NiTiCu SMA is represented by the following
two equations:

.
ε = 1.3249 × 107[sinh(1.217 × 10−2σ)]

4.1318
exp

(−1.9884 × 105

RT

)
(12)

σ = 82.17 ln

⎡
⎢⎣
(

Z
A

) 1
4.1318

+

√√√√(
Z
A

) 2
4.1318

+ 1

⎤
⎥⎦ (13)

3.2. Microstructural Evolution of NiTiCu SMA

The microstructural evolution of several representative NiTiCu SMA samples, which undergo
compression deformation, is captured in order to reveal the corresponding plastic deformation
mechanisms at high temperatures. It can be generally accepted that DRV or DRX can take place
when metallic alloy experiences plastic deformation at elevated temperatures. In the case of DRX,
in particular, the size of the recrystallized grains increases with increasing the deformation temperature
or decreasing the strain rate. According to the phase transformation temperatures of NiTiCu SMA,
it can be noted that when NiTiCu SMA samples are subjected to compression deformation at high
temperatures and are quenched into the ice water, they are transformed from B2 austenite into B19′

martensite because of complete martensite phase transformation.
For the purpose of better revealing the martensite structure of NiTiCu SMA, TEM micrographs of

the NiTiCu SMA samples, which are subjected to compression at the temperatures of 700~1000 ◦C at
the strain rate of 0.005 s−1, were captured, as shown in Figures 5–8.

It can be found that dislocation substructures, such as dislocation cells and subgrain boundaries,
appear in the martensite phase of NiTiCu SMA subjected to compression deformation at 700 ◦C,
as shown in Figure 5a. It can thus be concluded that dislocations become the dominant substructures
of martensite phase in the NiTiCu SMA specimen undergoing compression at 700 ◦C. Martensite twins
are dominant in the NiTiCu SMA specimen undergoing compression at 800 and 900 ◦C, as shown in
Figures 6 and 7. However, martensite twins are not observed in the NiTiCu SMA specimen undergoing
compression at 1000 ◦C, as shown in Figure 8. According to the aforementioned analysis, it is noted
that DRV or DRX can occur in NiTiCu SMA samples subjected to compression deformation at high
temperatures, which depends on the deformation temperatures. It can be deduced that DRV or DRX
microstructures have an influence on the substructures of martensite phase of NiTiCu SMA. In general,
DRV is the dominant mechanism when NiTi-based SMAs are subjected to compression deformation
at 700 ◦C [21]. As a consequence, DRV leads to the deformation of grains and thus dislocation
substructures, such as dislocation cells and subgrain boundaries, are formed in the grain interior.
These dislocation substructures are kept in the martensite phase of the NiTiCu SMA sample during
subsequent martensite phase transformations. These retained dislocation substructures suppress
the formation of martensite twins. It can be generally accepted that complete DRX can take place in
NiTi-based SMAs suffering from compression at temperatures above 800 ◦C [18,21]. It is proposed
that the size of the dynamic recrystallized grains influences the formation of martensite twins in
NiTiCu SMAs. In general, the size of the dynamic recrystallized grains increases with increasing the
deformation temperature [18]. Furthermore, it is generally accepted that the occurrence of martensite
twins aims to accommodate the formation of martensite phase during the transformation from
B2 austenite to B19′ martensite. It can be inferred that when the dynamic recrystallized grains
possess a smaller size, the grain boundaries are able to suppress the formation of martensite phase.
Consequently, the occurrence of martensite twins contributes to the formation of martensite phase.
When the dynamic recrystallized grains possess a larger size, there is sufficient space to guarantee the
formation of martensite phase in the grain interior. Therefore, martensite twins are not easily formed
in NiTiCu SMA samples subjected to compression deformation at 1000 ◦C.
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Figure 5. TEM micrographs of NiTiCu SMA subjected to compression deformation at 700 ◦C: (a) Bright
field image showing the existence of dislocation substructures in martensite laths; (b) Diffraction
pattern of (a).

 

Figure 6. TEM micrographs of NiTiCu SMA subjected to compression deformation at 800 ◦C: (a) Bright
field image showing the existence of martensite twins; (b) Diffraction pattern of (a).

 

Figure 7. TEM micrographs of NiTiCu SMA subjected to compression deformation at 900 ◦C: (a) Bright
field image showing the existence of martensite twins; (b) Diffraction pattern of (a).
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Figure 8. TEM micrographs of NiTiCu SMA subjected to compression deformation at 1000 ◦C: (a) Bright
field image showing no martensite laths; (b) Bright field image showing the existence of martensite
laths; (c) Diffraction pattern of (b).

4. Conclusions

The deformation behavior and microstructure evolution of NiTiCu SMA, which possesses
martensite phase at room temperature, were investigated based on a uniaxial compression test at the
temperatures of 700~1000 ◦C and at the strain rates of 0.0005~0.5 s−1. The following conclusions can
be drawn:

(1) The constitutive equation of NiTiCu SMA based on the Zener-Hollomon parameter was
established in order to describe the flow characteristic of NiTiCu SMA. The results show that the
flow stress of NiTiCu SMA depends on the strain rates. Depending on temperatures, DRV or DRX
are the main mechanisms for the plastic deformation of NiTiCu SMA at elevated temperatures.

(2) The microstructures resulting from DRV or DRX have a significant influence on the substructures
in the martensite phase of the NiTiCu SMA sample at room temperature. Dislocations become
the dominant substructures of martensite in the NiTiCu SMA specimen undergoing compression
at 700 ◦C. Martensite twins are dominant in the NiTiCu SMA specimen undergoing compression
at 800 and 900 ◦C. Martensite twins are not observed in the NiTiCu SMA specimen undergoing
compression at 1000 ◦C.

(3) Dislocation substructures resulting from DRV, such as dislocation cells and subgrain boundaries,
are able to suppress the formation of martensite twins in the martensite laths of NiTiCu SMA.
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The size of dynamic recrystallized grains has an effect on the formation of martensite twins.
Martensite twins are not easily formed in larger dynamic recrystallized grain, since the constraint
of the grain boundaries plays a weak role. However, in smaller dynamic recrystallized grain,
martensite twins are induced in order to accommodate the occurrence of the transformation from
austenite phase to martensite phase.
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Abstract: Based on ternary Ni45Ti51.8Fe3.2 (at %) shape memory alloy (SMA), Nb and Ta elements are
added to an NiTiFe SMA by replacing Ni element, and consequently quaternary Ni44Ti51.8Fe3.2Nb1

and Ni44Ti51.8Fe3.2Ta1 (at %) SMAs are fabricated. The microstructure, mechanical property, and
phase transformation of NiTiFeNb and NiTiFeTa SMAs are further investigated. Ti2Ni and β-Nb
phases can be observed in NiTiFeNb SMA, whereas Ti2Ni and Ni3Ti phases can be captured in
NiTiFeTa SMA. As compared to NiTiFe SMA, quaternary NiTiFeNb and NiTiFeTa SMAs possess
the higher strength, since solution strengthening plays a considerable role. NiTiFeNb and NiTiFeTa
SMAs exhibit a one-step transformation from B2 austenite to B19’ martensite during cooling, but they
experience a two-step transformation of B19’-R-B2 during heating.

Keywords: shape memory alloy; mechanical property; microstructures; phase transformation

1. Introduction

NiTi shape memory alloys (SMAs) have deserved increasing attention in the domain of
engineering since they possess shape memory effect and superelasticity. In general, phase
transformation temperature and mechanical property are the two critical factors influencing the
application of NiTi SMA in engineering [1–3]. In particular, a third element can be added to the binary
NiTi SMA so as to change its phase transformation temperature and mechanical property [4,5]. As a
consequence, typical ternary NiTi-based SMAs, such as NiTiCu, NiTiNb, and NiTiFe, have gone toward
the engineering application. For instance, NiTiCu SMA possesses a narrow transformation temperature
hysteresis, so it can be used in actuators [6–8]. However, NiTiNb SMA possesses a broad transformation
temperature hysteresis, so it is suitable for pipe coupling [9–11]. NiTiFe SMA is typically used for
coupling pipe since it possesses a lower martensite transformation start temperature [12–14]. NiTiPt,
NiTiPd, NiTiZr, and NiTiHf SMAs become candidates for high temperature SMAs since they possess a
higher reverse transformation temperature [15–18]. So far, quaternary NiTi-based SMAs have deserved
more attention. Some quaternary SMAs have also become potential candidates for high temperature
SMAs, such as TiNiPdCu [19], NiTiHfCu [20], NiTiHfZr [21], and NiTiHfTa [22] SMAs. In addition,
some new quaternary NiTi-based SMAs, which possess special properties, have been put forward
as well. These new quaternary NiTi-based SMAs include NiTiHfPd SMA with high strength [23,24],
TiNiCuPd SMA with near-zero hysteresis [25], and NiTiCuV SMA with high thermal stabilization [26].
However, only a few studies have reported the investigations of quaternary NiTi-based SMAs.

In the present study, Nb and Ta elements were added to NiTiFe SMA in order to prepare NiTiFeNb
and NiTiFeTa SMAs. Furthermore, the microstructure, mechanical property, and phase transformation
of NiTiFeNb and NiTiFeTa SMAs were investigated.
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2. Materials and Methods

On the basis of ternary Ni45Ti51.8Fe3.2 (at %) SMA, Nb and Ta elements were added by replacing
the Ni element, and consequently quaternary Ni44Ti51.8Fe3.2Nb1 and Ni44Ti51.8Fe3.2Ta1 (at %) SMAs
were fabricated via the vacuum arc melting method. Then, three as-cast NiTi-based SMAs were heated
to 1000 ◦C and maintained for 12 h. Subsequently, the three heat-treated NiTi-based SMA samples were
quenched with ice water. NiTi-based SMA samples, whose height and diameter were 6 mm and 4 mm,
respectively, were removed from the heat-treated NiTi-based SMA ingots using electro-discharge
machining (EDM) for the purpose of compression tests. The compression tests were performed with
INSTRON-5500R equipment (Instron Corporation, Norwood, MA, USA) at room temperature, where
the compression strain rate was determined as 0.001 s−1.

Differential scanning calorimetry (DSC) was used to determine the phase transformation
temperatures of the three heat-treated NiTi-based SMA specimens by using a Pyris Diamond type
differential scanning calorimeter (Perkin Elmer Inc., Waltham, MA, USA). Therein, DSC measurement
temperature ranged from −150 ◦C to 150 ◦C, and the heating and cooling rates were determined
as 10 ◦C/min.

Optical microscopy (OM) as well as transmission electron microscopy (TEM) was employed to
characterize the microstructures of the three heat-treated NiTi-based SMA samples. The samples
for the OM experiment were etched in a solution whose composition was determined as
HF:HNO3:H2O = 1:2:10. Then, the OM experiment was performed using an OLYMPUS311 type
optical microscope (Olympus Corporation Tokyo, Japan). The TEM experiment was carried out on
an FEI TECNAI G2 F30 microscope (FEI Corporation, Hillsboro, OR, USA) with a side-entry and
double-tilt specimen stage with an angular range of ± 40◦ at an accelerating voltage of 300 kV. Foils
for TEM observation were mechanically ground to 70 μm and then thinned by twin-jet polishing in an
electrolyte containing 90% C2H5OH and 10% HClO4 by volume fraction.

Employing a Philips X’Pert Pro diffractometer (Royal Dutch Philips Electronics Ltd. Amsterdam,
Netherlands) with CuKα radiation at ambient temperature, X-ray diffraction (XRD) analysis was used
to identify the phase composition of the three heat-treated NiTi-based SMA samples. The samples
were scanned over 2θ, which ranges from 20◦ to 90◦ by continuous scanning based on a tube voltage
of 40 kV and a tube current of 40 mA.

3. Results and Discussion

3.1. Microstructure Analysis of NiTi-based SMAs

Figure 1 shows the microstructures of Ni45Ti51.8Fe3.2, Ni44Ti51.8Fe3.2Nb1, and Ni44Ti51.8Fe3.2Ta1

SMAs determined by OM. The microstructures of the three NiTi-based SMAs are dominated by
equiaxed grains rather than dendrites. In addition, there are some precipitates in the grain interior as
well as at the grain boundary.

To further determine the phase composition of the three NiTi-based SMAs, XRD maps of
Ni45Ti51.8Fe3.2, Ni44Ti51.8Fe3.2Nb1, and Ni44Ti51.8Fe3.2Ta1 SMAs are illustrated in Figure 2. It is evident
that the three NiTi-based SMAs are composed of B2 austenite and Ti2Ni precipitate.

In order to gain an in-depth insight into the microstructures of the three NiTi-based SMAs,
TEM micrographs of Ni45Ti51.8Fe3.2, Ni44Ti51.8Fe3.2Nb1, and Ni44Ti51.8Fe3.2Ta1 SMAs are shown in
Figures 3–5, respectively. It can be observed from Figure 3 that Ni45Ti51.8Fe3.2 SMA consists of B2
austenite matrix and Ti2Ni precipitate. It can be seen in Figure 4 that in terms of Ni44Ti51.8Fe3.2Nb1

SMA, Ti2Ni and β-Nb precipitates occur in the matrix of B2 austenite. It can be seen in Figure 5 that
the matrix of Ni44Ti51.8Fe3.2Ta1 SMA belongs to B2 austenite, where both Ti2Ni and Ni3Ti precipitates
can be observed.
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Figure 1. OM (Optical microscopy) micrographs of the three NiTi-based SMAs: (a) Ni45Ti51.8Fe3.2;
(b) Ni44Ti51.8Fe3.2Nb1; (c) Ni44Ti51.8Fe3.2Ta1.

Figure 2. XRD (X-ray diffraction) maps of the three NiTi-based SMAs: (a) Ni45Ti51.8Fe3.2;
(b) Ni44Ti51.8Fe3.2Nb1; (c) Ni44Ti51.8Fe3.2Ta1.
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Figure 3. TEM (Transmission electron microscopy) micrographs of Ni45Ti51.8Fe3.2 SMA (Shape memory
alloy): (a) Bright field image showing B2 austenite matrix; (b) Diffraction pattern of B2 austenite matrix
in (a); (c) Bright field image showing Ti2Ni precipitate; (d) Diffraction pattern of Ti2Ni precipitate in (c).

3.2. Mechanical Property of NiTi-based SMAs

Figure 6 illustrates the stress-strain curves of Ni45Ti51.8Fe3.2, Ni44Ti51.8Fe3.2Nb1, and Ni44Ti51.8Fe3.2Ta1

SMAs under uniaxial compression. It is observed that the addition of Nb and Ta elements results in the
increasing yield strength of NiTi-based SMAs, but also leads to the decreasing plasticity of NiTi-based
SMAs. Furthermore, Ni44Ti51.8Fe3.2Nb1 SMA possesses a higher yield strength than Ni44Ti51.8Fe3.2Ta1

SMA. In other words, the Nb element plays a more substantial role in strengthening NiTi-based
SMAs compared with the Ta element. According to the aforementioned microstructural analysis,
no metallic compounds of Nb and Ta elements are observed in the case of Ni44Ti51.8Fe3.2Nb1 and
Ni44Ti51.8Fe3.2Ta1 SMAs. Consequently, it can be concluded that Nb and Ta exist in the solid solution
of B2 austenite as the solute atoms. In particular, compared to Ni45Ti51.8Fe3.2 and Ni44Ti51.8Fe3.2Nb1

SMAs, Ni44Ti51.8Fe3.2Ta1 SMA exhibits a steady strain hardening ability during plastic deformation. It
is well known that the strain hardening ability of metal materials is related closely to the dislocation
density. In general, the strain hardening ability increases with increasing dislocation denstiy. Therefore,
as for Ni44Ti51.8Fe3.2Ta1 SMA, plenty of dislocations need to be enhanced so as to guarantee the
compatiblity of plastic deformation.
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Figure 4. TEM micrographs of Ni44Ti51.8Fe3.2Nb1 SMA: (a) Bright field image showing B2 austenite
matrix; (b) Diffraction pattern of B2 austenite matrix in (a); (c) Bright field image showing Ti2Ni
precipitate; (d) Diffraction pattern of Ti2Ni precipitate in (c); (e) Bright field image showing β-Nb
precipitate; (f) Diffraction pattern of β-Nb precipitate in (e).
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Figure 5. TEM micrographs of Ni44Ti51.8Fe3.2Ta1 SMA: (a) Bright field image showing B2 austenite
matrix; (b) Diffraction pattern of B2 austenite matrix in (a); (c) Bright field image showing Ti2Ni
precipitate; (d) Diffraction pattern of Ti2Ni precipitate in (c); (e) Bright field image showing Ni3Ti
precipitate; (f) Diffraction pattern of Ni3Ti precipitate in (e).
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Figure 6. Compressive stress-strain curves of the three NiTi-based SMAs.

3.3. Phase Transformation of NiTi-based SMAs

Figure 7 shows the DSC curves of Ni45Ti51.8Fe3.2, Ni44Ti51.8Fe3.2Nb1, and Ni44Ti51.8Fe3.2Ta1 SMAs.
All three NiTi-based SMAs exhibit a one-step phase transformation during cooling. The one-step
phase transformation deals with the transformation from B2 austenite (A) to B19’ martensite (M).
However, all three NiTi-based SMAs exhibit a two-step phase transformation during heating. First,
they are converted from B19’ martensite to an R-phase. Subsequently, they are transformed from the
R-phase into B2 austenite. It can be noted that the addition of Nb and Ta elements does not change
the phase transformation path of NiTiFe SMA, but it does have a certain effect on the transformation
temperatures of NiTiFe SMA. As a consequence, all of the transformation temperatures are diminished.
In particular, as for Ni44Ti51.8Fe3.2Nb1 SMA, the addition of the Nb element results in the severe
diminishment of the martensite and austenite transformation temperatures.

Figure 7. DSC (Differential scanning calorimetry) curves of the three NiTi-based SMAs: (a) Ni45Ti51.8Fe3.2;
(b) Ni44Ti51.8Fe3.2Nb1; (c) Ni44Ti51.8Fe3.2Ta1.
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Compared to Ni45Ti51.8Fe3.2 SMA, Ni44Ti51.8Fe3.2Nb1 and Ni44Ti51.8Fe3.2Ta1 SMAs possess a lower
phase transformation temperature. In particular, in the case of Ni44Ti51.8Fe3.2Nb1 SMA, the addition
of the Nb element influences the phase transformation temperature considerably, and consequently
all the phase transformation temperatures are lowered substantially compared with Ni45Ti51.8Fe3.2

SMA. In general, for the purpose of lowering the martensite transformation start temperature
Ms, the transformation resistance should be enhanced when B2 austenite is transformed into B19’
martensite. Simultaneously, in order to enhance the austenite transformation start temperature
As, the mechanical driving force should be diminished when B19’ martensite is transformed into
B2 austenite.

It can be deduced that the addition of Nb and Ta elements contributes to the increase of the
elastic strain energy of B2 austenite. Consequently, the elastic strain energy becomes the resistance,
which prevents B2 austenite from being transformed into B19’ martensite, so that the martensite
phase transformation temperature is lowered. Conversely, the elastic strain energy kept in the
martensite interface becomes the mechanical driving force, which facilitates the transformation from
B19’ martensite to B2 austenite, so that the austenite phase transformation temperature is enhanced.

4. Conclusions

Based on ternary Ni45Ti51.8Fe3.2 (at %) SMA, two new quaternary Ni44Ti51.8Fe3.2Nb1 and
Ni44Ti51.8Fe3.2Ta1 (at %) SMAs were designed and fabricated by adding Nb and Ta elements to replace
the Ni element. Furthermore, the microstructure, mechanical property, and phase transformation of
NiTiFeNb and NiTiFeTa SMAs were investigated. The following conclusions are drawn:

(1) The microstructures of three NiTi-based SMAs are dominated by equiaxed grains rather than
dendrites. Ni45Ti51.8Fe3.2 SMA comprises a B2 austenite matrix and a Ti2Ni precipitate. In the
case of Ni44Ti51.8Fe3.2Nb1 SMA, Ti2Ni and β-Nb precipitates occur in the matrix of B2 austenite.
The matrix of Ni44Ti51.8Fe3.2Ta1 SMA belongs to B2 austenite, where Ti2Ni and Ni3Ti precipitates
can be observed.

(2) The addition of Nb and Ta elements results in the increasing yield strength of NiTi-based SMA,
but leads to the decreasing plasticity of NiTi-based SMA. Furthermore, Ni44Ti51.8Fe3.2Nb1 SMA
possesses a higher yield strength than Ni44Ti51.8Fe3.2Ta1 SMA, where the Nb element plays a
more substantial role in strengthening NiTi-based SMAs compared with the Ta element. Nb and
Ta exist in the solid solution of B2 austenite as the solute atoms, since no metallic compounds of
Nb and Ta elements are observed in the case of Ni44Ti51.8Fe3.2Nb1. In particular, Ni44Ti51.8Fe3.2Ta1

SMA exhibits a steady strain hardening ability during plastic deformation.
(3) All three NiTi-based SMAs exhibit a one-step phase transformation during cooling, which is

involved in the transformation from B2 austenite to B19’ martensite. However, all three NiTi-based
SMAs exhibit a two-step phase transformation during heating, where they are converted from
B19’ martensite to the R-phase and subsequently they are transformed from the R-phase into the
B2 phase. The addition of Nb and Ta elements does not change the phase transformation path of
NiTiFe SMA, but it does have a certain effect on the transformation temperatures of NiTiFe SMA.
As a consequence, all the transformation temperatures are diminished.
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Abstract: The processing map of Ni47Ti44Nb9 (at %) shape memory alloy (SMA), which possesses B2
austenite phases and β-Nb phases at room temperature, is established in order to optimize the hot
working parameters. Based on true stress-strain curves of NiTiNb SMA during uniaxial compression
deformation at the temperatures ranging from 700 to 1000 ◦C and at the strain rates ranging from
0.0005 to 0.5 s−1, according to dynamic material model (DMM) principle, the processing map of
NiTiNb SMA is obtained on the basis of power dissipation map and instability map. The instability
region of NiTiNb SMA increases with increasing the true strain and it mainly focuses on the region
with high strain rate. The workability of NiTiNb SMA becomes worse and worse with increasing
plastic strain, as well as decreasing deformation temperature. There exist two stability zones which
are suitable for hot working of NiTiNb SMA. In one stability region, the deformation temperature
ranges from 750 to 840 ◦C and the strain rate ranges from 0.0003 to 0.001 s−1. In the other stability
region, the deformation temperature ranges from 930 to 1000 ◦C and the strain rate ranges from
0.016 to 0.1 s−1. The severe microstructure defects, such as coarsening grains, band microstructure,
and intercrystalline overfiring appear in the microstructures of NiTiNb SMA which is subjected to
plastic deformation in the instability zone.

Keywords: shape memory alloy; NiTiNb alloy; plastic deformation; processing map

1. Introduction

Binary NiTi shape memory alloy (SMA) has been extensively used in the engineering field due
to its unique phenomena, which include a shape memory effect and superelasticity [1–3]. It is of
great importance to add the third element to the binary NiTi SMA so as to broaden the engineering
application [4–6]. As a typical example, the addition of Nb element to the binary NiTi SMA contributes
to enhancing phase transformation temperature hysteresis [7,8]. In particular, when the soft β-Nb
phase in the NiTiNb SMA suffers from plastic deformation, the relaxation of elastic strain in the
martensite interface contributes to lowering the driving force of reverse martensite transformation and,
hence, facilitating the stability of martensite [9]. Therefore, NiTiNb SMA has been a perfect candidate
for pipe coupling because the large phase transformation temperature hysteresis plays a predominant
role in guaranteeing the reliability of pipe coupling in engineering applications [10–12].

It is well known that hot working, especially high-temperature plastic deformation, is an
indispensable means to manufacture the product of NiTi-based SMAs [13–15]. Furthermore,
it is of great importance in improving the microstructures and the properties of NiTi-based SMAs,
as well [16–18]. Therefore, it is very necessary to explore an effective tool for optimizing the process
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parameters, which are suitable for hot working of NiTi-based SMAs. As we know, the processing
map has been a reliable and effective tool to help optimize the hot working parameters of metal
materials [19–23]. So far, no literature has reported the involved information with respect to
processing maps of NiTiNb SMA. Therefore, in the present study, uniaxial compression deformation of
Ni47Ti44Nb9 (at %) SMA is carried out at the temperatures ranging from 600 to 1000 ◦C and at strain
rates ranging from 0.0005 to 0.5 s−1. The processing map of NiTiNb SMA is established according to
dynamic material model (DMM) theory [24].

2. Materials and Methods

The commercially as-rolled Ni47Ti44Nb9 (at %) SMA bar, which possesses the diameter of 20 mm,
was obtained from Xi’an Saite Metal Materials Development Co., Ltd. (Xi’an, China). The phase
composition of as-rolled NiTiNb SMA was characterized by X-ray diffraction (XRD) testing using a
Philips X’Pert Pro diffractometer (Royal Dutch Philips Electronics Ltd., Amsterdam, The Netherlands)
with CuKα radiation at ambient temperature. The involved sample was scanned on the basis of 2θ
ranging from 20◦ to 90◦ by means of continuous scanning based on a tube voltage of 40 kV and tube
current of 40 mA. Figure 1 shows the XRD diagram of the as-rolled NiTiNb SMA, where NiTiNb SMA
consists of B2 austenite and β-Nb phases.

Figure 1. XRD map of as-rolled NiTiNb SMA.

Sixteen NiTiNb SMA samples, which possess diameters of 6 mm and heights of 9 mm, were
removed from the as-rolled NiTiNb SMA bar using electro-discharge machining (EDM, DK7725,
Jiangsu Dongqing CNC Machine Tool Co., Ltd., Taizhou, China). The NiTiNb SMA samples
were placed between the top anvil and the bottom one of an INSTRON-5500R equipment (Instron
Corporation, Norwood, MA, USA). Subsequently, they were compressed by the deformation degree of
60% at temperatures ranging from 700 to 1000 ◦C and at strain rates ranging from 0.0005 to 0.5 s−1.

Optical microscopy (OM) observation was used to investigate the microstructures of as-rolled and
compressed NiTiNb SMA samples by means of an OLYMPUS 311 (Olympus Corporation, Tokyo, Japan)
optical microscope. The sample for OM observation was etched in a solution of HF:HNO3:H2O = 1:3:10.
The microstructure of as-rolled NiTiNb SMA is shown in Figure 2. It can be observed that the as-rolled
NiTiNb SMA exhibits a homogeneous worm-like microstructure.
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Figure 2. Microstructures of as-rolled NiTiNb SMA.

3. Principle for the Processing Map

A processing map of NiTiNb SMA is established on the basis of dynamic material model (DMM).
According to DMM, when NiTiNb SMA is subjected to plastic deformation at high temperatures,
the dissipation power P is composed of two parts. One part deals with the power (G) consumed due
to plastic deformation and the other part refers to the energy (J) dissipated due to microstructural
evolution. Therefore, the dissipation power P is expressed by [25]:

P = σ· .
ε = G + J =

∫ .
ε

0
σd

.
ε +

∫ σ

0

.
εdσ (1)

where G is defined as the dissipated content and J refers to the dissipated co-content.
When strain ε and temperature T are unchangeable, stress σ is regarded as a function of the strain

rate
.
ε, which is described as a power law relationship [26–28], namely:

σ = K
.
ε

m (2)

where K refers to material coefficient and m stands for strain rate sensitivity. The value of m is expressed as:

m =
dJ
dG

=

.
εdσ

σd
.
ε
=

.
εσd ln σ

σ
.
εd ln

.
ε
≈ Δlgσ

Δlg
.
ε

(3)

When strain ε and temperature T are constant, the dissipated co-content J is represented by:

J =
∫ σ

0

.
εdσ =

mσ
.
ε

m + 1
(4)

In general, the m value shows a linear dependence on the temperature T and the strain rate
.
ε.

The metal material is considered to be an ideal linear dissipation state if the value of m is taken as 1.
Then, the dissipated co-content J reaches the maximum value Jmax [29], namely:

Jmax =
σ

.
ε

2
(5)

Consequently, according to Equations (4) and (5), the power dissipation efficiency η is expressed
as follows:

η =
J

Jmax
=

2m
m + 1

(6)
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where η depends on temperature T, strain ε and strain rate
.
ε. In the case of a constant strain, the power

dissipation map is established by drawing a contour map of η versus the strain rate
.
ε and temperature T.

The power dissipation map is indicative of the microstructural evolution law resulting from the
dissipated energy of the material. In general, the power dissipation map is of great importance in terms
of determining the workability of metal material. However, the workability of metal material is not
completely dependent on the power dissipation map since there is a larger η value in a region where
the workability of metal material is very poor. Therefore, it is necessary to use a judging criterion
for evaluating the workability of metal material. According to the maximum entropy principle,
the unstable flow occurs during plastic deformation of metal material when the following equation is
satisfied [30], namely:

dD
d

.
ε
<

D
.
ε

(7)

where D is the power dissipation function, which depends on the specific temperature. If the total
power is dissipated, D is identical to P. Based on DMM, if the partition in Equation (1) leads to the
different instability parameters, D is identical to J. As a consequence, Equation (7) is expressed as:

dJ
d

.
ε
<

J
.
ε

(8)

According to the mathematical transformation, Equation (8) is expressed by:

dJ
d

.
ε
=

J
.
ε

.
εJ

· dJ
d

.
ε
=

J
.
ε
· d(

∫
(1/J)dJ)

d
(∫ (

1/
.
ε
)
d

.
ε
) =

J
.
ε
· dlgJ

dlg
.
ε

(9)

By combining Equation (9) with Equation (8), the following equation is acquired, namely:

dlgJ
dlg

.
ε
< 1 (10)

Then, the substitution of Equation (4) into Equation (10) results in:

dlgJ
dlg

.
ε
=

dlg(m/m + 1)
dlg

.
ε

+
dlgσ

dlg
.
ε
+

dlg
.
ε

dlg
.
ε
< 1 (11)

As a result, the criterion judging the unstable flow of metal material during plastic deformation is
expressed as follows [31]:

ξ
( .
ε
)
=

∂lg
( m

m+1
)

∂lg
.
ε

+ m < 0 (12)

where the instability parameter ξ
( .
ε
)

depends on m and
.
ε. In addition, m relies on T and

.
ε. Accordingly,

ξ
( .
ε
)

is dependent upon T and
.
ε. As for a given strain, the instability map is constructed by plotting

a contour map of ξ
( .
ε
)

versus
.
ε and T. In general, ξ

( .
ε
)

is negative in the zone where metal material
presents an unstable flow during plastic deformation. Therefore, the instability region is identified by
means of the instability map. Finally, the processing map is established on the basis of the instability
map and the power dissipation map.

4. Results and Discussion

Figure 3 indicates the true stress-strain curves of NiTiNb SMA undergoing uniaxial compression
at the temperatures ranging from 700–1000 ◦C and at the strain rates ranging from 0.0005–0.5 s−1. It is
evident that flow stress is dependent upon the strain rate and temperature. In the case of a constant
strain rate, the flow stress decreases with increasing temperature. As for a constant temperature,
the flow stress increases with increasing strain rate. According to the various temperatures and strain
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rates, the values of flow stresses, which correspond to the true strains of 0.3, 0.6, and 0.9, respectively,
are extracted from the true stress-strain data, as shown in Table 1.

 
Figure 3. True stress-strain curves of NiTiNb SMA undergoing uniaxial compression based on the
various temperatures and strain rates: (a)

.
ε = 0.0005 s−1; (b)

.
ε = 0.005 s−1; (c)

.
ε = 0.05 s−1; and (d)

.
ε = 0.5 s−1.

Table 1. Flow stresses of NiTiNb SMA (MPa).

ε .
ε/s−1 T/◦C

700 800 900 1000

0.3

0.0005 137.8010 80.4978 53.4650 39.7838
0.005 199.2236 128.6067 79.6107 53.3478
0.05 278.4276 182.6738 124.5443 87.1276
0.5 362.9075 254.1071 185.9302 139.1716

0.6

0.0005 138.6029 78.6816 52.6534 40.1727
0.005 199.7022 124.5523 78.5104 53.1897
0.05 272.5415 179.6717 121.7723 85.0241
0.5 328.3940 236.2028 176.2441 130.1123

0.9

0.0005 150.7980 85.8143 59.2176 48.7737
0.005 214.5237 131.7976 85.6582 58.8096
0.05 276.0619 187.4464 129.4072 91.1164
0.5 325.8891 231.8062 177.1036 130.8063

According to the experimental data shown in Table 1, the curve of lgσ versus lg
.
ε can be obtained

by means of the linear fitting method, as shown in Figure 4. It is evident that there is an approximate
linear relationship between lgσ and lg

.
ε. The approximate linear relationship indicates that NiTiNb

SMA satisfies the conditions of DMM during plastic deformation.
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Figure 4. Linear relationship between log σ and log
.
ε based on various strains: (a) ε = 0.3; (b) ε = 0.6;

and (c) ε = 0.9.

By performing cubic-spline fitting based on the aforementioned data, the fitted curves of lgσ

versus lg
.
ε are acquired. Then, according to Equation (3), a series of m values are obtained by identifying

the slopes of these fitted curves. Consequently, according to Equation (6), the power dissipation
efficiency η is calculated at various plastic strains. Furthermore, the power dissipation maps of NiTiNb
SMA based on various strains are obtained, as shown in Figure 5. On the one hand, the power
dissipation maps are able to reflect relative variation rate of internal entropy in the metal material
subjected to hot plastic deformation. On the other hand, the power dissipation maps can be used for
roughly estimating the microstructure change of metal material undergoing plastic deformation at
the various temperatures and strain rates. In general, the higher η values mean that the deformed
microstructures probably possess better performance. It is noted that the value of η approximately
increases with increasing deformation temperature, whereas it decreases with increasing strain rate.
It can be found that, in the whole temperature range, there exist two regions where η possesses a peak
value. One region is involved in the temperature range of 750–840 ◦C, as well as the strain rate range
of 0.0003~0.001 s−1. The other region deals with the temperature range of 930–1000 ◦C as well as the
strain rate range of 0.016–0.1 s−1. In addition, the maximum value of η decreases with increasing true
strain. The phenomenon indicates that the hot workability of NiTiNb SMA becomes worse and worse
along with the increase in plastic strain.
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Figure 5. Power dissipation maps of NiTiNb SMA based on various strains: (a) ε = 0.3, 3D surface
map; (b) ε = 0.3, 2D contour line map; (c) ε = 0.6, 3D surface map; (d) ε = 0.6, 2D contour line map;
(e) ε = 0.9, 3D surface map; and (f) ε = 0.9, 2D contour line map.

The values of ξ
( .
ε
)

under the various deformation conditions can be calculated by combining
Equations (3) and (12). As a consequence, the instability maps are established, as shown in Figure 6.
In general, the region where ξ

( .
ε
)

possesses negative values in the instability maps is defined as the
instability region where metal material exhibits an unstable flow during plastic deformation. In a
similar manner, the region where ξ

( .
ε
)

possesses positive values in the instability maps is defined
as the stability region where metal material shows a stable flow during plastic deformation. It is
observed from Figure 6 that the unstable flow mainly appears in the zone possessing high strain rate.
Furthermore, the instability region increases with increasing true strain.
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Figure 6. Instability maps of NiTiNb SMA based on various strains: (a) ε = 0.3; (b) ε = 0.6; and (c)
ε = 0.9.

The processing map is established on the basis of the power dissipation map and the instability
map, as illustrated in Figure 7. In Figure 7, the instability zone is designated in blue, but the stability
zone is represented in white. It can be observed that the instability region of NiTiNb SMA increases
with increasing true strain. The phenomenon further demonstrates that the workability of NiTiNb
SMA becomes worse and worse along with increasing deformation extent. In addition, the instability
zone of NiTiNb SMA mainly focuses on the region with high strain rate. In particular, as for the true
strain of 0.9, the instability zone of NiTiNb SMA is mainly concentrated on the region with high strain
rate. Furthermore, the strain rate range, which represents the stability zone, decreases with decreasing
deformation temperature. This indicates that the lower deformation temperature leads to the poorer
workability of NiTiNb SMA. However, the stability zone is not completely suitable for hot working
of NiTiNb SMA, as well. In general, the high value of η in the stable working zone indicates that the
larger fraction of energy is dissipated during microstructural evolution of NiTiNb SMA subjected to
plastic deformation at high temperatures, such as dynamic recrystallization, dynamic recovery and
phase transformation. Therefore, the higher η value is more suitable for hot working. In addition,
it can be found from Figure 7c that the higher η value, which represents the stability zone, is located in
two regions. One region means that NiTiNb SMA experiences hot working in the temperature range
of 750–840 ◦C, as well as at the strain rate range of 0.0003–0.001 s−1. The other region indicates that
NiTiNb SMA is subjected to hot working in the temperature range of 930–1000 ◦C, as well as at the
strain rate range of 0.016–0.1 s−1. As a consequence, the aforementioned high η value in the stability
zone is considered to represent the optimum hot working zone of NiTiNb SMA. In addition, there
exist some zones, which possess very low η value in the stability region. The phenomenon indicates
that when NiTiNb SMA is subjected to hot working in the regions with very low η values, although
the severe working defects should not be formed, the inhomogeneous microstructure defects can be
induced. Therefore, it is more appropriate for NiTiNb SMA not to be subjected to hot working in the
stability regions with very low η value. In particular, when NiTiNb SMA is subjected to hot working
in the instability regions, the severe microstructure defects are induced, as shown in Figure 8. It is
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obviously observed from Figure 8 that coarsening grains, band microstructure, and intercrystalline
overfiring appear in the microstructures of the deformed NiTiNb SMA. These microstructure defects
have an adverse impact on the properties of NiTiNb SMA.

 

Figure 7. Processing maps of NiTiNb SMA based on various strains: (a) ε = 0.3; (b) ε = 0.6; and (c)
ε = 0.9. The blue color in the figure represents the instability region.

 

Figure 8. Microstructures of NiTiNb SMA undergoing compression at 1000 ◦C and at 0.05 s−1:
(a) coarsening grain; and (b) band microstructure and intercrystalline overfiring.

5. Conclusions

Based on true stress-strain curves of NiTiNb SMA during uniaxial compression deformation at
temperatures ranging from 700 to 1000 ◦C, and at strain rates ranging from 0.0005 to 0.5 s−1, according
to the values of flow stresses corresponding to true strains of 0.3, 0.6, and 0.9, a processing map of
NiTiNb SMA is established based on the dynamic material model (DMM) principle. As a consequence,
the following conclusions are drawn:
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(1) Flow stress of NiTiNb SMA is dependent upon the strain rate and temperature. In the case of a
constant strain rate, flow stress decreases with increasing temperature. In the case of a constant
temperature, flow stress increases with the increasing strain rate. The instability region of NiTiNb
SMA increases with the increasing true strain and it mainly focuses on the region with high strain
rate. The workability of NiTiNb SMA becomes worse and worse with increasing plastic strain,
as well as decreasing the deformation temperature.

(2) There exist two stability zones which are suitable for hot working of NiTiNb SMA. One is the
region where NiTiNb SMA experiences hot working in the temperature range of 750–840 ◦C,
as well as at the strain rate range of 0.0003–0.001 s−1. The other is the region where NiTiNb SMA
is subjected to hot working in the temperature range of 930–1000 ◦C, as well as at the strain rate
range of 0.016–0.1 s−1. The processing map lays the foundation for optimizing the hot working
parameters of NiTiNb SMA.
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Abstract: Texture evolution of NiTi shape memory alloy was investigated during uniaxial
compression deformation at 673 K (400 ◦C) by combining crystal plasticity finite element method
with electron back-scattered diffraction experiment and transmission electron microscope experiment.
Transmission electron microscope observation indicates that dislocation slip rather than deformation
twinning plays a dominant role in plastic deformation of B2 austenite NiTi shape memory
alloy at 673 K (400 ◦C). Electron back-scattered diffraction experiment illustrates heterogeneous
microstructure evolution resulting from dislocation slip in NiTi shape memory alloy at 673 K
(400 ◦C). {110}<100>, {010}<100> and {110}<111> slip systems are introduced into a crystal plasticity
constitutive model. Based on the constructed representative volume element model and the extracted
crystallographic orientations, particle swarm optimization algorithm is used to identify crystal
plasticity parameters from experimental results of NiTi shape memory alloy. Using the fitted material
parameters, a crystal plasticity finite element method is used to predict texture evolution of NiTi
shape memory alloy during uniaxial compression deformation. The simulation results agree well
with the experimental ones. With the progression of plastic deformation, a crystallographic plane
of NiTi shape memory alloy gradually rotates to be vertical to the loading direction, which lays the
foundation for forming the <111> fiber texture.

Keywords: shape memory alloy; NiTi alloy; plastic deformation; crystal plasticity; finite
element method

1. Introduction

NiTi shape memory alloy (SMA) has attracted increasing attention in the field of materials
science and engineering because of its excellent shape memory effect, outstanding superelasticity and
perfect biological compatibility [1–3]. Plastic deformation plays a significant role in manufacturing
the products of NiTi SMA. Over the past decades, a number of investigations have attempted
to identify, quantify or at least clarify the nature and significance of various mechanisms that
contribute to understanding plastic deformation of NiTi SMA under different deformation conditions.
In general, a plastic deformation mechanism of NiTi SMA is temperature-dependent and thus exhibits
a predominant distinction in the case of various temperatures, where multiple plastic deformation
mechanisms can occur, including stress-induced martensite phase transformation, dislocation slip,
deformation twinning, grain boundary slide, grain rotation, dislocation climb and grain boundary
migration [4,5]. In particular, above the austenite finish temperature (Af), stress-induced martensite
transformation occurs up to the martensite desist temperature (Md). Above the Md temperature,
stress-induced martensite transformation can no longer take place and NiTi SMA still exhibits high
ductility (exceeding 30%), which is unusual for B2 intermetallics [6]. Therefore, it is of considerable
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importance to experimentally investigate plastic deformation of NiTi SMA above the Md temperature.
Moreover, it can be generally accepted that dislocation slip plays a dominant role in plastic deformation
of NiTi SMA above the Md temperature. The slip modes {110}<100> and {010}<100> are identified
and commonly reported during plastic deformation of NiTi SMA [7–9]. However, these two slip
modes provide only three independent slip systems, and thus they are unable to accommodate
all the strains for generalized polycrystalline plasticity since at least five independent slip systems
are required for dislocations to accommodate arbitrary plastic deformation [10]. Consequently, in
addition to <100> slip processes, alternate deformation mechanisms must be activated to contribute
to enhancing the plasticity. Benafan et al. [5] have proposed that there are two possibilities to help
satisfy the requirements for generalized plasticity. One possibility is the activation of a secondary slip
system, especially the {110}<111> slip system, which is also validated by Ezaz et al. [11]. The other
possibility is deformation twinning, especially (114) compound twinning, which is also observed by
Ezaz et al. [12]. Furthermore, it is very necessary to clarify and understand the influence of plastic
deformation mechanisms on the overall mechanical response of NiTi SMA above the Md temperature,
which contributes to giving a deep insight into the microstructural evolution of NiTi SMA during
plastic deformation and further broadening the engineering applications of NiTi SMA.

So far, many theoretical analyses and numerical simulations, which focus on coupling plasticity
and phase transformation of NiTi SMA, have attracted a great deal of attention. Different macroscopic
phenomenological models [13,14] and micromechanical models [8,15] have been constructed to
describe corresponding thermo-mechanical properties of NiTi SMA and these models have played
an important role in promoting the extensive engineering application of NiTi SMA. By contrast,
in terms of simulating plastic deformation of NiTi SMA above the Md temperature, our literature
search has shown that both the microscale and macroscale simulations have not been fully addressed
yet. In particular, the microscale simulations, which deal with various plastic deformation mechanisms
of NiTi SMA, need to be considered.

The goal of the present study is to develop an experiment-based crystal plasticity finite element
model to investigate the texture evolution of NiTi SMA subjected to uniaxial compression deformation
at 673 K (400 ◦C). Particle swarm optimization (PSO) algorithm is used to calibrate crystal plasticity
parameters from experimental data. Numerical results of polycrystalline model are then compared
with correspondingly experimental results. It is worth noting that the procedure of calibrating crystal
plasticity parameters on the basis of the PSO algorithm and the investigation of uniaxial compression
deformation of NiTi SMA at 673 K (400 ◦C) by means of crystal plasticity finite element method
(CPFEM) at the grain scale has never been reported in the literature.

2. Materials and Methods

The as-received NiTi SMA bar with a diameter of 12 mm, which possesses a nominal composition
of Ni50.9Ti49.1 (at %), was prepared by virtue of vacuum induction melting method and subsequent
rolling at 1073 K (800 ◦C). The NiTi SMA samples with the diameter of 4 mm and the height of 6 mm
were all taken from the as-received NiTi SMA bar via electro-discharge machining (EDM, DK7725,
Jiangsu Dongqing CNC Machine Tool Co. Ltd, Taizhou, China) The NiTi SMA samples were placed
between the top anvil and the bottom one of INSTRON-5500R universal testing machine (Instron
Corporation, Norwood, MA, USA) and then were compressed at the various deformation degrees by
20%, 30% and 40%, respectively, at the strain rate of 0.001 s−1 and at the temperature of 673 K (400 ◦C).

To acquire the plastic deformation mechanism of NiTi SMA subjected to uniaxial compression at
the temperature of 673 K (400 ◦C), NiTi SMA sample subjected to compression deformation degree
of 40% was characterized by transmission electron microscope (TEM). The foil for TEM observation
was firstly ground to 70 μm thickness through mechanical polishing and then was thinned by twin-jet
polishing in an electrolyte consisting of 6% HClO4, 34% C4H10O and 60% CH3OH by volume fraction
at 253 K (−20 ◦C) at a potential of 30 V. Finally, TEM observations were conducted on a FEI TECNAI
G220 microscope (FEI Corporation, Hillsboro, OR, USA) with point resolution of 0.23 nm and linear
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resolution of 0.14 nm at an accelerating voltage of 200 kV. Furthermore, to investigate the evolution
of microstructure and crystallographic orientation of NiTi SMA samples, electron back-scattered
diffraction (EBSD) experiments were conducted on these samples using a Zeiss Supra 55 scanning
electron microscope (SEM, Carle Carl Zeiss Company, Oberkochen, German) coupled with OXFORD
EBSD (Oxford Instruments, Oxford, UK) instrument. To obtain a suitable surface for EBSD observation,
electro-polishing was conducted in an electrolyte consisting of 10% HNO3 and 90% CH3OH by volume
fraction at 253 K (−20 ◦C) at a potential of 18 V. Due to the relatively large scanning area, the scan step
was chosen to be 2 μm in simultaneous consideration of scanning time and scanning resolution.

3. Results and Discussion

3.1. Investigation on Microstructure Evolution

Figure 1 demonstrates TEM bright field image, the corresponding dark field image and a selected
area electron diffraction (SAED) pattern of an NiTi SMA sample subjected to uniaxial compression at
the deformation degree of 40% at 673 K (400 ◦C). It can be observed from Figure 1 that the matrix of
NiTi SMA belongs to B2 austenite according to the SAED pattern. In addition, plenty of dislocations
appear in the matrix of NiTi SMA and deformation band is formed. This observation provides a direct
experimental evidence that in the case of uniaxial compression at 673 K (400 ◦C), no deformation twins
are found, and thus dislocation slip is responsible for plastic deformation mechanism of NiTi SMA.

Figure 1. TEM micrographs of NiTi SMA sample subjected to uniaxial compression at the deformation
degree of 40%: (a) bright field image; (b) dark field image; (c) SAED (selected area electron diffraction)
pattern of (b).

Figure 2 demonstrates the initial microstructure of the cross-section of NiTi SMA specimen
obtained from EBSD experiment, where RD and ND stand for rolling direction and normal direction,
respectively. It can be seen from Figure 2 that the microstructure is characterized by the equiaxed ones.
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In addition, the average grain diameter of individual grains is determined to be about 25 μm by means
of the statistical analysis of individual grains in the scanning area. Moreover, these equiaxed grains
indicate that recrystallization seems to occur during thermo-mechanical processing of the as-received
NiTi SMA, which would result in a relatively weak texture compared with most alloys processed at
room or moderate temperature [5].

Figure 2. Initial microstructure of as-received NiTi SMA based on a EBSD (electron back-scattered
diffraction) experiment: (a) EBSD scan area in Rolling-Normal (RD–ND) plane; (b) statistical analysis
of equivalent grain diameter in the Rolling-Normal (RD–ND) plane.

Figure 3 shows the microstructure evolution of NiTi SMA sample subjected to uniaxial
compression at the deformation degree of 20%, 30% and 40%, respectively. It can be noted from
Figure 3 that, with the progression of plastic deformation, the morphologies of individual grains
indicate the existence of some manner of similarity that the shape of individual grain is elongated
in a way along the direction that is vertical to the loading direction. Furthermore, orientations in
different parts of the same grain show some discrepancy and this observation is due to the fact
that dislocation slip exhibits a certain difference in individual grains owing to the differences in
terms of grain orientation and grain morphology within the polycrystalline NiTi SMA, and thus an
inhomogeneous plastic response of individual grain emerges in order to accommodate arbitrary plastic
deformation. Another interesting result in Figure 3 is that, as the deformation degree becomes larger,
the quality of EBSD measurement gets worse, namely, more and more locations cannot be identified
by EBSD scanning. A Kikuchi pattern is characteristic of the crystal structure and orientation of the
scanning region from which it is generated, and then it is used in EBSD measurement to identify a grain
orientation in the test area of the specimen. The indexed Kikuchi patterns in the center of the scanning
area at various deformation degrees are illustrated in Figure 3, and they correspond to the regions
with relatively low dislocation density. Moreover, regions having high dislocation density could lead
to misindexing due to poor band contrast, hence a mistake in identifying the Kikuchi patterns [16].
Therefore, the poor identification of EBSD scanning is enhanced as the dislocation density increases
with the progression of plastic deformation in uniaxial compression of NiTi SMA.

To more specifically investigate the microstructure evolution resulting from the dislocation slip
during plastic deformation, maps of grain boundaries at various deformation degrees are illustrated in
Figure 4, where the blue lines indicate that the misorientation between neighboring grains boundaries
are greater than 15◦, and the red lines indicate that the misorientation between neighboring grain
boundaries is between 5◦ and 15◦. The 5◦ criterion contributes to weeding out such substructures
that can not be considered to be grains. It is worth noting that, in Figure 4a, the red lines showing a
small misorientation are far less than the blue lines, indicating that the initial microstructure is mainly
composed of grains with high-angle grain boundaries. In addition, few subgrain substructures are
observed in Figure 4a. With the progression of plastic deformation, dislocation density is sharply
increased in the case of uniaxial compression of NiTi SMA at 673 K (400 ◦C), as dislocation slip is
the only way to sustain plastic strain in each grain. Moreover, the individual grains of a polycrystal
NiTi SMA subjected to plastic deformation shall be constrained by the neighboring grains. Therefore,
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plastic deformation may be quite different in the different regions of the same grain. Consequently,
subgrain substructures are finally formed and heterogeneously distributed in the polycrystal NiTi
SMA, as shown in Figure 4b–d, where the red lines are grouped into walls.

Figure 3. Microstructure evolution and corresponding Kikuchi patterns of NiTi SMA subjected to
various deformation degrees: (a) 20%; (b) 30%; (c) 40%.

Figure 4. Maps of grain boundaries obtained from EBSD measurement in NiTi SMA samples subjected
to various deformation degrees: (a) 0%; (b) 20%; (c) 30%; (d) 40%. The blue lines represent grain
boundaries whose misorientation is greater than 15◦ and the red lines stand for grain boundaries
whose misorientation ranges from 5◦ to 15◦.
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3.2. Investigation on Texture Evolution Based on CPFEM

3.2.1. Crystal Plasticity Constitutive Model

Due to the aforementioned microstructure evolution analysis, it can be noted that in the present
study, dislocation slip rather than deformation twinning is found to be responsible for plastic
deformation mechanism of NiTi SMA. Due to the fact that at least five independent slip systems
are required for dislocations to accommodate arbitrary plastic deformation, it is necessary to introduce
a secondary slip system {110}<111> into the proposed crystal plasticity finite element model in addition
to {110}<100> and {010}<100> slip systems that are commonly reported [5].

Therefore, in the present study, the framework of crystal plasticity theory is based on dislocation
slip. In the framework of rate-dependent single crystal plasticity, the elastic constitutive equation is
specified by [17,18]:

∇∗
σ + σ(I :D∗) = L :D∗ (1)

where I is the second order identity tensor, L is the tensor of elastic modulus having the full set
of symmetries Lijkl = Ljikl = Lijlk = Lklij, and D∗ is the symmetric stretching rate of the lattice.

The Jaumann rate
∇∗
σ is the corotational stress rate on the axes that rotate with the crystal lattice,

which is related to the corotational stress rate on the axes that rotate with the material
∇
σ by the

following equation:
∇∗
σ =

∇
σ + Ωp · σ − σ · Ωp (2)

where
∇
σ =

.
σ− Ω · σ + σ · Ω and σ stands for the Cauchy stress. In addition, Ω and Ωp are the total

lattice spin tensor and plastic part of the total lattice spin tensor, respectively.
The crystal was assumed to behave as an elasto-viscoplastic solid, so the slipping shear rate

.
γ
α in individual α slip system is of great importance in crystal plasticity calculation. Based on the

Schmid law, the slipping shear rate
.
γ
α can be determined by a simple rate-dependent power law

relation, namely
.
γ
α
=

.
γ0|τα/gα|n sign(τα/gα) (3)

where n stands for the rate dependency and if the material is rate-independent, a large value can
be chosen up to 50, whereas if the material is highly rate-dependent, a typical value of 10 can be
used [19]. In the present study, the value of n is chosen to be 20, indicating a certain rate dependency
as reported in [20].

.
γ0 is a reference shear strain rate and is determined to be 0.001 s−1 in consideration

of quasi-static loading rate. τα and gα are resolved shear stress on the slip system α and slip resistance
of this system, respectively. Furthermore, the change rate of slip resistance in each slip system is given
as follows:

.
gα =

n

∑
β

hαβ
.
γ
β (4)

where hαβ are the slip hardening modulus, and the sum operation is performed over all the activated
slip systems. Here, hαα is known as self-hardening modulus and it is derived from the hardening of
slip system itself. In addition, hαβ (α 
= β) is called latent-hardening modulus, which indicates that
the hardening is caused by another slip system.

A simple hardening model is given by [21]:

hαα = h(γ) = h0 sec h2
∣∣∣ h0γ
τs−τ0

∣∣∣, γ = ∑
α

∫ t
0

∣∣ .
γ
α∣∣dt

hαβ = qh(γ) (α 
= β)
(5)

where h0 is the initial hardening modulus, τ0 is the initial yield stress, τs is the saturation stress, γ is
the total shear strain in all the slip systems, and q is the ratio of latent-hardening to self-hardening and
q = 1.4 is used in the present study [8].
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The aforementioned crystallographic formulations are implemented numerically into an
ABAQUS standard solver through a user-defined material subroutine (UMAT), where the implicit
(Euler backward) integration algorithm is adopted [18].

3.2.2. Establishment of RVE Model

In the present study, representative volume element (RVE) model based on the voxel model is
used since it can effectively represent the mechanical behavior and texture evolution of polycrystalline
NiTi SMA using a minimum number of grains, as shown in Figure 5. The voxel model deals with a
simple computation model including very coarse three-dimensional meshes, where only one element
stands for one grain [22]. Though these voxel RVE models possess rather simplified geometrical
representations, they can provide very good results, which are in agreement with experimental texture
measurement and mechanical response with high accuracy and computational efficiency [8,22].

Figure 5. RVE (representative volume element model) of polycrystalline NiTi SMA based on the
voxel model.

3.2.3. Parameters Calibration

Based on the three-dimensional voxel model, the parameters of the crystal plasticity finite element
model proposed for NiTi SMA are calibrated from the result of the macroscale uniaxial compression
experiment. Since Lv et al. [23] has reported that grain number has an influence on the overall stress of
the voxel RVE model, so the starting point of the parameter calibration is to determine the optimal
grain number in the RVE model, and convergence studies are carried out on five aggregates containing
64, 216, 512, 1000 and 1728 grains, respectively. Twenty independent computations are performed for
each aggregate. Furthermore, prior to each computation, orientations of all the grains are regenerated
randomly. In addition, the boundary conditions applied in the present study are realized by means of
periodic boundary conditions in x, y, and z directions of the RVE model, which would be compressed
in the x-direction at the strain rate of 0.001 s−1. Compared to boundary conditions just by causing all
surfaces to be plane, though it has been confirmed that there are no large differences in the results of
stress-strain curves anyway [24], the latter induces a higher constraint in the crystal plasticity finite
element model.

The stress-strain responses of each computation on the basis of various grain numbers and the
corresponding overall stress-strain responses are simulated, as shown in Figure 6. To obtain the
macroscopic stress-strain response of NiTi SMA, homogenization based on averaging theorem over
the voxel-based RVE model is adopted to make the transition from micro- to macro-variables of the
RVE model. The averaged stress and strain values at each time step are defined as 1

N ∑σ11 and 1
N ∑ ε11

(N is the total number of elements multiplied by the number of integration points at per element, σ11 is
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the component of stress tensor at each integration point and ε11 is the component of strain tensor
at each integration point) [19]. This can be realized by programming a post-processing numerical
subroutine using computer language PYTHON with the help of ABAQUS interface. It can be seen
from Figure 6 that with the increase of grain number in the voxel model, the scatter on the predicted
stress-strain responses with random orientations decreases obviously. In addition, according to the
overall stress-strain responses, the stress-strain curve based on 1000 grains is viewed as a compromise
between the stress-strain curves corresponding to the selected grain numbers. Therefore, the voxel
model adopted in the present study is determined to contain 1000 C3D8 elements, which stand for
1000 grains.

Figure 6. Simulated stress-strain curves from 20 realizations of uniaxial compression deformation of
voxel model with various initial orientations: (a) 64 grains; (b) 216 grains; (c) 512 grains; (d) 1000 grains;
(e) 1728 grains; (f) the averaged stress-strain curves corresponding to different grain numbers.

In general, plastic deformation is assumed to be highly sensitive to the overall texture of metal
materials. Therefore, it is necessary to assign appropriate crystallographic orientations to the elements
prior to finite element simulation. In the present study, 1000 grain orientations are extracted from the
EBSD data by discretizing the orientation distribution function (ODF). Figure 7 shows a comparison
between the measured texture from initial microstructure and the corresponding simulated texture
based on 1000 extracted grain orientations. It can be seen from Figure 7a that the initial texture
consists mainly of a preferred {001}<110> texture in ϕ2 = 45◦ section of ODF. This fact contributes to
demonstrating that there exists a preferred orientation of grains, where the <110> direction is parallel
to the RD direction. Such a texture is probably attributed to thermo-mechanical processing of the
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as-received NiTi SMA. Furthermore, the simulated ODF sections are depicted in Figure 7b. Obviously,
these simulated ODF sections well reproduce the main features of the experimental ODF ones.

Figure 7. Orientation distribution function sections of as-received NiTi SMA used for describing initial
texture: (a) based on EBSD experiment; (b) based on simulation via 1000 extracted grain orientations.

The values of anisotropically elastic parameters of single crystal NiTi SMA can be determined
as C11 = 130 GPa, C12 = 98 GPa and C44 = 34 GPa [8]. Based on the constructed three-dimensional
voxel-based RVE model as well as the extracted orientations from ODF measured by EBSD experiment,
the remaining crystal plasticity parameters in the single-crystal constitutive equations in terms of
hardening effect in different slip systems have to be determined by back-fitting the mechanical
result in the constructed RVE model to the mechanical response in uniaxial compression experiment.
Ezaz et al. [11] has reported that the ideal critical stress for slip systems {110}<100>, {010}<100> and
{110}<111> are 2667 MPa, 9320 MPa and 5561 MPa, indicating that these three slip systems used in
the present study have different hardening parameters and the slip system with a higher ideal critical
stress also has higher hardening parameters, namely h0, τs and τ0 [25]. In addition, Lee et al. [26]
has reported that in the case of crystal plasticity finite element simulation, the global stress-strain
curve is sensitive to the adopted material parameters. Therefore, systematic variations of material
parameters are important in the procedure of parameter identification. In terms of varying the material
parameters, a method used frequently is “trial-error” algorithm, and it is used to optimize the numerical
results by means of the optical observation on the difference between the numerical stress-strain
curve and the experimental one. It is worth noting that such an optical coincidence procedure may
finally result in high accuracy [24]. However, in the “trial-error” procedure, systematic variations of
material parameters require a phenomenological interpretation and an understanding of the respective
efforts on the mechanical response of the polycrystalline model. Therefore, such calibration is a
nontrivial effort due to the number of material parameters involved. As a consequence, in the
present study, the “trial-error” algorithm is never easy to find nine parameters manually. Based on
the target function that depends on the user’s definition, many other mathematical optimization
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algorithms have been proposed to facilitate the procedure of parameter identification, including the
genetic algorithm (GA) method, continuous function optimization method [27–29] and their individual
advantages and limitations would not be discussed in detail here. In the present study, a particle
swarm optimization (PSO) algorithm is implemented for the purpose of parameter identification and
the detailed introduction about PSO algorithm can be found in the literature [30]. As for the PSO
algorithm, all population members generated in the first trial continuously update their problem
solutions by tracking personal Best (pBest), which results in the minimal target function value by
comparison with itself, and global Best (gBest), which results in the minimal target function value by
comparison with all the population members in each iteration. As for combining the PSO algorithm
and crystal plasticity finite element model, the coupling procedure is illustrated in Figure 8. The target
function or fitness function used in the present study is identified as follows [27]:

F =

√√√√1
k

k

∑
i

(
σ

exp(k)
i − σ

sim(k)
i

)2
k = 1, 2, . . . , 151 (6)

where k is a number denoting the amplitude of 151 different true strains that range from 0.02 to 0.32

with the interval of 0.002. σexp(k)
i and σ

sim(k)
i are the true stresses measured in the experimental and

simulated stress-strain curves for kth strain amplitude, respectively. In the present study, the population
size is taken to be 9, which indicates that there are nine material parameters to be determined.

Figure 8. Flow chart of material parameter identification based on PSO (Particle swarm optimization).
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Figure 9a shows the fitness-generation curve, which indicates the PSO algorithm convergence
with the number of generations. It can be found from Figure 9a that, after 24 generations, the fitness
value converges to a constant value of 3.95 MPa, indicating that the PSO algorithm has implemented
the best optimization. The material parameters obtained by this calibration process are listed in
Table 1. In addition, Figure 9b shows the experimental and simulated stress-strain curves of NiTi SMA
subjected to uniaxial compression at the deformation degree of 30%. It can be found from Figure 9b
that the simulated result is consistent with the experimental one and this phenomenon confirms the
validity of the fitted parameters used in CPFEM.

Figure 9. The convergence of PSO algorithm in the aspect of parameter identification and the
validity of material parameters: (a) fitness function convergence as a function of generation number;
(b) macroscopic stress-strain response of NiTi SMA subjected to uniaxial compression based on
compression experiment and crystal plasticity finite element simulation.

Table 1. Material parameters of as-received NiTi SMA used for simulation.

Slip Mode h0 τs τ0
.
γ0 q n

{110}<100> slip system 1283.29 MPa 354.59 MPa 134.53 MPa 0.001 s−1 1.40 20
{010}<100> slip system 5191.62 MPa 505.90 MPa 489.93 MPa 0.001 s−1 1.40 20
{110}<111> slip system 3574.64 MPa 390.27 MPa 239.58 MPa 0.001 s−1 1.40 20

3.2.4. Texture Evolution of NiTi SMA under Uniaxial Compression

It is well known that the texture has a significant influence on the mechanical properties of NiTi
SMA. Therefore, it is of great importance to predict texture evolution of NiTi SMA during plastic
deformation. Based on the fitted material parameters, the constructed voxel RVE model is used
to simulate the uniaxial compression process of NiTi SMA at various deformation degrees. As a
consequence, the corresponding values of Euler angles at each integration point are extracted to predict
texture evolution. This can be realized by programming a post-processing numerical subroutine using
computer language PYTHON with the help of the ABAQUS interface. It can be generally accepted
that the pole figure is an important approach to characterize the texture of metal materials during
uniaxial compression or tension. Figure 10 illustrates the pole figures of NiTi SMA subjected to the
various deformation degrees including 0%, 20%, 30% and 40%, which are obtained by means of EBSD
experiments and CPFEM simulation. It can be seen from Figure 10 that the simulated results are in
good accordance with the experimental ones, except from the legend values at various deformation
degrees. The legend values show that the maximum pole density in experiment results is less than the
corresponding simulated ones. This may be attributed to the limited EBSD scanning areas in EBSD
experiments and the increased regions of poor identification in scanning areas. However, it can be
concluded that CPFEM based on the constructed RVE model is a superior candidate for predicting
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texture evolution of NiTi SMA during uniaxial compression deformation. With the progression
of plastic deformation, a crystallographic plane of NiTi SMA gradually rotates to be vertical to
the loading direction, which lays the foundation for forming the <111> fiber texture in the case of
uniaxial compression.

Figure 10. Pole figures showing texture evolution of NiTi SMA subjected to uniaxial compression at
various deformation degrees: (a) 0%; (b) 20%; (c) 30%; (d) 40%.

4. Conclusions

(1) TEM observation demonstrates that dislocation slip rather than deformation twinning is
responsible for plastic deformation mechanisms of B2 austenite NiTi SMA at 673 K (400 ◦C).
EBSD experiment demonstrates the heterogeneous microstructure evolution during uniaxial
compression, where subgrain substructures are formed and distributed within individual grains.

(2) Based on the experimental observations, {110}<100>, {010}<100> and {110}<111> slip systems
are introduced into the single-crystal constitutive equations in order to accommodate plastic
deformation of NiTi SMA. Particle swarm optimization (PSO) algorithm is used to identify crystal
plasticity parameters from experimental results of NiTi SMA. The validity of the fitted material
parameters is well confirmed based on the fact that the simulated stress-strain curve on the basis
of constructed Voxel RVE model is in good agreement with the experimental result.

(3) CPFEM based on the constructed RVE model is able to accurately predict texture evolution of NiTi
SMA during uniaxial compression deformation. The simulation results are in good agreement
with the experimental ones. With the progression of plastic deformation, a crystallographic plane
of NiTi SMA gradually rotates to be vertical to the loading direction, which lays the foundation
for forming the <111> fiber texture.
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Abstract: The transformation behaviors on metamagnetic shape memory Ni46.4Mn38.8In12.8Co2.0 film
were investigated by X-ray diffraction experiments in the temperature up to 473 K and magnetic
fields μ0H up to 5 T. The prepared film showed the parent phase with L21 structure at 473 K, and with
preferred orientation along the 111 plane. The magnetic field induced reverse transformation was
directly observed at T = 366 K, which was just around the reverse transformation starting temperature.

Keywords: high field X-ray diffraction; NiCoMnIn; metamagnetic shape memory alloys

1. Introduction

Ferromagnetic shape memory alloys (FSMAs) have been studied actively as high-performance
actuator materials since a large magnetic field-induced strain of 0.2% was found in Ni2MnGa alloys
by Ullakko et al. [1]. That this large magnetic field induced strain in the ferromagnetic Ni2MnGa
single crystal is explained by the rearrangement of twin variants of martensitic phase (M-phase) [2].
To control the performance in Ni-Mn-Ga alloys (e.g., magnetic properties, martensitic transformation
temperatures, etc.), they were examined by the substitution of the elements [3,4].

In 2004, Sutou et al. found that Ni-Mn-X (X = In, Sn, and Sb) alloys with Heusler-type structure
showed a martensitic transformation with magnetic transition [5]. The magnetization of parent phase
in Ni-Mn-X series shows large magnetization, whereas that of M-phase is small [5]. The Mössbauer
spectroscopy studies on Fe57-doped Ni-Mn-In and Ni-Mn-Sn systems found that the magnetism of the
M-phase was paramagnetism [6,7]. The Co-doped Ni-Mn-In system was found to show a discontinuous
jump in magnetization between P- and M-phase [8]. The strain of 3% was almost recovered by the
application of a 7 T magnetic field, which was a so-called metamagnetic shape memory effect (MSM
effect) [8]. An MSM effect was also found in Co-doped Ni-Mn-Sn alloys [9]. The crystal structure
of M-phase in Ni-Co-Mn-In was reported to be the mixture of five- and seven-layered modulated
monoclinic structure (10M and 14M) by electron microscopy observation [10]. Structural properties of
Ni-Co-Mn-In bulk alloy were reported by using synchrotron radiation in high magnetic fields [11].
According to Reference [11], the crystal structure of M-phase was 14M. Additionally, field-induced
reverse transformation under compression was observed in magnetic fields up to 5 T [11].

FSMAs films have been studied for the application as actuators [12–14]. Ni-Co-Mn-In MSM
ribbons and films were also prepared by rapid solidification [15] and magnetron sputtering [16],
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respectively. Recently, Ni-Co-Mn-In films were examined for the application for energy harvesting [17].
According to Reference [16], the annealing temperature changes the crystal structure of M-phases.
Recent reports for the Ni-Co-Mn-In films show that as-deposited film shows body-centered cubic
structure, whereas the modulated structure appeared after annealing [18]. According to the phase
diagram of Ni50-xMn37In13Cox ribbon with 30 μm thick, the reverse transformation temperature
changed by ~200 K in 0 ≤ x ≤ 9, and had a cusp at x ~ 3 [15]. Furthermore, according to
Reference [18], minor changes in compositions of the film also changed the transformation behavior
of the films (e.g., transformation temperature and thermal hysteresis). Therefore, the transformation
behaviors and crystal structures of MSM films were sensitive to slight composition change and the
annealing conditions.

Although the annealing effects, microstructure, and martensitic transformation behaviors were
evaluated for MSM films and ribbons, the martensitic transformation induced by magnetic fields has
not yet been confirmed by using in-situ observation techniques.

The high field X-ray diffraction (HF-XRD) technique was one of the suitable methods for
investigating the structural properties in magnetic field—particularly the field-induced structural
transformations. So far, the relationship between magnetic transition and structural transformation
was investigated for magnetic refrigerants by using HF-XRD [19–21]. In addition, HF-XRD study has
also been carried out for FSMAs and MSM alloys such as Ni2MnGa alloys [22], Ni-Mn-Sn alloy [23],
and for Ni-Co-Mn-In alloy [24]. In 2008, HF-XRD for high temperatures was developed in temperatures
up to 473 K [25]. Magnetic field-induced reverse transformations in Ni40Co10Mn34Al16 MSM alloys
were observed at 408 K using this apparatus [26].

As described above, in this study, in order to observe field-induced reverse transformation in
Co-doped Ni-Mn-In film, high field X-ray diffraction experiments were performed under magnetic
fields up to 5 T and temperature ranging from 293 to 473 K.

2. Materials and Methods

Co-doped Ni-Mn-In films of 1 μm thickness were deposited on a poly-vinyl alcohol (PVA)
substrate using a dual magnetron sputtering apparatus (CFS-4ES, Shibaura, Yokohama, Japan).
The apparatus has radio-frequency (RF) and direct current (DC) power sources. The RF power
for Ni45Mn40In15 target was kept at 200 W and the DC power for Co target was kept at 5 W. After
separating from the PVA substrate, the films were heat-treated at 1173 K for 3.6 ks. The chemical
composition of the film was determined by an inductively coupled plasma (ICP) spectrometry
apparatus (Optima 3300, Perkin Elmer Inc., Waltham, MA, USA). The composition of the sample was
determined to be Ni46.4Mn38.8In12.8Co2.0. According to the reports about Ni-Co-Mn-In films [16,18],
the transformation behavior was sensitive to the annealing condition, composition of Co, and so on. In
this study, as described below, the transformation temperatures of Ni46.4Mn38.8In12.8Co2.0 films are
above room temperature (RT), which is suitable for observing the structural change by HF-XRD system
at high temperature.

The martensitic transformation temperatures Ms: martensitic transformation starting temperature,
Mf: martensitic transformation finishing temperature, As: reverse transformation starting temperature,
and Af: reverse transformation finishing temperature were determined by the magnetization
measurements by using a superconducting quantum interface device (SQUID) magnetometer in
magnetic fields μ0H up to 5 T and the temperature T ranging from 10 to 390 K. The transformation
temperatures are defined using the intersection of the base line and the tangent line with the largest
slope in the thermomagnetization curve.

High field X-ray diffraction measurements using Cu Kα radiation were performed for μ0H ≤ 5 T
and in the temperature range from 293 to 473 K under He atmosphere. Details of the HF-XRD setup
are reported in Reference [25]. Ni46.4Mn38.8In12.8Co2.0 films were fixed with Apiezon H Grease &I
Materials Ltd., Manchester, UK) on a copper sample holder. The surface of the film was parallel to the
magnetic field, and was perpendicular to the scattering vector of X-ray.
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3. Results and Discussion

Figure 1 shows the thermomagnetization curve for Ni46.4Mn38.8In12.8Co2.0 film in μ0H = 0.05 T,
1 T, and 5 T. In all curves, metamagnetic phase transition from M- to P-phase is clearly observed. The
transformation temperatures in μ0H = 1 T were determined to be Ms = 373 K, Mf = 355 K, As = 368 K,
and Af = 385 K. Meanwhile, these temperatures at 5 T were obtained to be Ms = 373 K, Mf = 352 K,
As = 365 K, and Af = 385 K, which were slightly lower than that in 1 T. Figure 2 shows the M–H
curve obtained at 348, 366, and 373 K, which were T < As, T ~ As, and As < T < Af, respectively.
M–H data were collected after the zero-field heating from T < Mf. The magnetization at 348 K is very
small and almost independent of magnetic fields. At 366 K, the small jump in magnetization due to
metamagnetic transition was observed for μ0H ≥ 4 T. On the other hand, the curve at 373 K showed
large magnetization, and magnetic transition and hysteresis were not observed.

Figure 1. Thermomagnetization curves for Ni46.4Mn38.8In12.8Co2.0 film at μ0H = 1 T and 5 T. The inset
is the thermomagnetization curve obtained at μ0H = 0.05 T.

Figure 2. Isothermal magnetization curves for Ni46.4Mn38.8In12.8Co2.0 film at 348, 366, and 373 K. Each
curve ware obtained after the zero field heating from T > Mf.

Figure 3 shows the XRD patterns for Ni46.4Mn38.8In12.8Co2.0 film at room temperature (RT) and
at 473 K. The diffraction peaks at 2θ ~ 43◦, 50◦, 74◦, and 90◦ belong to the copper sample holder.
The other peaks at RT belong to the M-phase, which are indicated by the closed circles in Figure 3.
The diffraction profile at 473 K is quite different from that at RT. The diffraction peaks at 473 K were
indexed by L21 structure (hklP), which was P-phase. This profile shows the preferred orientation along
(111) plane parallel to film surface. As described below, the lattice parameters of the P-phase were in
good agreement with that of bulk Ni-Co-Mn-In samples. To compare the diffraction patterns of P- and
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M-phase, 111P, 220P, and 222P seem to split during transformation, indicating the decline of crystal
symmetry. In this study, it is difficult to determine the crystal structure of M-phase because the P-phase
shows preferred orientation. 14M and 10M structure did not represent the obtained XRD patterns.
According to the reports for bulk Ni-Co-Mn-In sample, the crystal structure of M-phase is reported to
be a mixture of 14M and 10M structures [10], or 14M structures [11]. Therefore, the crystal structure of
M-phase in the film is considered to be a mixture of 10M and 14M or the related modulated structure.

Figure 3. XRD pattern of Ni46.4Mn38.8In12.8Co2.0 film at room temperature (RT) and 473 K. hklA
indicates the Miller indices of the L21 structure (parent phase). The closed circles are the diffraction
peaks belonging to the martensitic phase.

Figure 4 shows the XRD patterns in the 2θ range from 52◦ to 55◦ at various temperatures in
heating in a zero field (a), cooling in a zero field (b), heating in 5 T (c), and cooling in 5 T (d). In the
heating process from 303 K in a zero field, the 222P diffraction developed between 363 and 373 K.
For T ≥ 383 K, only the diffraction peak of L21 structure was observed. With decreasing T from
473 K, the peak intensity of 222P diffraction began to suppress at T = 363 K, and the diffraction at
2θ ~ 53.5◦ appeared, and the diffraction profile did not change below 353 K. On the other hand,
as seen in Figure 4c,d, the change in diffraction profile was also observed with a slightly lower
temperature region than that in a zero field. These transformation behaviors were consistent with the
thermomagnetization curve shown in Figure 1. Using the diffraction profiles of Figure 4a,b, the lattice
parameter a of L21 structure at room temperature was evaluated. Figure 5 shows the determined
lattice parameter a in a zero field. The obtained lattice parameter and temperature show linear relation.
The lattice parameter a at 300 K was obtained to be 0.597 nm, which is in good agreement with previous
reports for bulk sample [8].

Figures 6 and 7 show the isothermal XRD patterns in magnetic fields up to 5 T at fixed temperature
of 366 K and 371 K. The measurements were carried out after zero-field heating from room temperature
(T < Mf). The diffraction peaks of M-phase (closed circles) and P-phase (222P peak) were observed
in all profiles. As seen in Figure 6, with applied magnetic field, the sharp peak belonging to the 222P

diffraction was induced at 2θ ~ 53◦. Although 222P diffraction was induced by the magnetic field, the
reverse transformation from the M-phase to P-phase was incomplete at 5 T. With decreasing μ0H from
5 T to 0 T, the profile did not change efficiently. On the other hand, the diffraction peaks at 371 K of
P-phase became stronger than 366 K, indicating the irreversibility of the field-induced transformation.
On the other hand, as seen in Figure 7, the field-induced development of 222P diffraction was not
observed clearly.

Figure 8 shows the magnetic field dependence of the difference of peak intensity IP-M between two
peaks at 2θ ~ 53◦ and 2θ ~ 53.5◦. As described above, because the 222P peak of P-phase and the peak
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of M-phase overlapped at 2θ ~ 53◦ and the peak at 53.5◦ only belonged to M-phase, enhancement of
IP-M indicated the field-induced reverse transformation. IP-M gradually increased to 3 T. IP-M showed a
jump for μ0H > 3 T, and did not recover in decreasing μ0H. This means that the magnetic-field-induced
transformation was directly observed for μ0H > 3 T. Isothermal diffraction pattern at 371 K also showed
the increase of IP-M with increasing H. However, the increment of IP-M was obtained to be 25 count
from μ0H = 0 to 5 T, which was much smaller than 366 K. Thus, it was found that the field-induced
transformation of the film exhibits a narrow temperature window. This transformation behavior was
qualitatively consistent with the magnetization measurements.

Figure 4. XRD patterns of Ni46.4Mn38.8In12.8Co2.0 film in (a) heating in a zero field, (b) cooling in a
zero field, (c) heating in 5 T, and (d) cooling in 5 T. hklP indicates the Miller indices of the L21 structure
(parent phase). The closed circles were the diffraction peaks derived to the martensitic phase.

Figure 5. Lattice parameter a in the parent phase of Ni46.4Mn38.8In12.8Co2.0 film as a function of
temperature. The solid line was obtained by the least-squares calculations.
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Figure 6. Isothermal XRD patterns at fixed temperature of 366 K with (a) increasing μ0H from 0 to 5 T,
and (b) decreasing μ0H to 0 T. 220P indicates the Miller indices of the L21 structure (parent phase). The
closed circles are the diffraction peaks belonging to the martensitic phase. The broken lines indicate the
differences in intensities between the two diffraction patterns.

Figure 7. Isothermal XRD patterns at fixed temperature of 371 K. 220P indicates the Miller indices of the
L21 structure (parent phase). The closed circles are the diffraction peaks belonging to the martensitic
phase. The broken lines indicate IP-M.

In this study, the application of μ0H = 5 T was not enough to finish the reverse transformation
completely at 366 K. From the M–T curve, the extrapolated magnetization of the P-phase was
considered to be 40 A·m2/kg at 366 K. Herein, when metamagnetic transition is seen, discontinuous
change in magnetization appeared. In this study, this discontinuous change was approximated by a
linear relation. If M increased linearly during metamagnetic transition of the films, the extrapolated
line for M–H curves at 366 K for μ0H > 4 T in Figure 2 reached 40 A·m2/kg at μ0H ~ 36 T. Thus,
μ0H ~ 36 T is required to observe the complete transformation of the film at 366 K.
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Figure 8. Differences between the peak intensity at 2θ ~ 53◦ (martensitic + parent phases) and 53.5◦

(martensitic phase), IP-M, as a function of magnetic field. The data was obtained by isothermal
diffraction patterns at 366 K, which is shown in Figure 6.

4. Conclusions

The in situ observation of martensitic transformations for Ni46.4Mn38.8In12.8Co2.0 MSM film was
performed by high field X-ray diffraction measurements in magnetic fields up to 5 T and in the
temperature region from 298 to 473 K. The prepared films show the preferred orientation along (111)
plane of the L21 structure at 473 K. A magnetic field-induced reverse transformation from M- to P-phase
with L21 structure was observed at 366 K, which was just around As. The reverse transformation
induced by magnetic fields was directly observed by in situ HF-XRD technique. Combining the change
of the XRD patterns and the magnetization jumps, it was found that the metamagnetic transition of
Ni-Co-Mn-In film is actually related to the martensitic transformation.
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Abstract: Partially restrained (PR) bolted T-stub connections have been widely used in replacement of
established fully restrained (FR) welded connections, which are susceptible to sudden brittle failure.
These bolted T-stub connections can permit deformation, easily exceeding the allowable limit without
any fracture because they are constructed with a design philosophy whereby the plastic deformation
concentrates on bolt fasteners made of ductile steel materials. Thus, the PR bolted connections take
advantage of excellent energy dissipation capacity in their moment and rotation behavior. However,
a considerable amount of residual deformation may occur at the bolted connection subjected to
excessive plastic deformation, thereby requiring additional costs to recover the original configuration.
In this study, superelastic shape memory alloy (SMA) bolts, which have a recentering capability upon
unloading, are fabricated so as to solve these drawbacks, and utilized by replacing conventional
steel bolts in the PR bolted T-stub connection. Instead of the full-scale T-stub connection, simplified
T-stub components subjected to axial force are designed on the basis of a basic equilibrium theory
that transfers the bending moment from the beam to the column and can be converted into equivalent
couple forces acting on the beam flange. The feasible failure modes followed by corresponding
response mechanisms are taken into consideration for component design with superelastic SMA bolts.
The inelastic behaviors of such T-stub components under cyclic loading are simulated by advanced
three-dimensional (3D) finite element (FE) analysis. Finally, this study suggests an optimal design
for smart recentering T-stub components with respect to recentering and energy dissipation after
observing the FE analysis results.

Keywords: T-stub components; partially-restrained (PR) bolted connections; superelastic shape
memory alloys (SMAs); prying action mechanism; failure modes; finite element (FE) analysis

1. Introduction

After the 1994 Northridge (CA, USA) and 1995 Kobe (Japan) earthquakes, partially restrained (PR)
bolted connections have been utilized as an alternative to fully restrained (FR) welded connections
that exhibit brittle failure within the allowable deformation limit [1–3]. In these PR bolted connections,
beam members are connected by fastening connection components (i.e., end-plate, T-stub, and clip
angle components) to column members with tension bolts, and thus bending moments transferred
from beams are delivered to connections, including shear forces. The PR bolted connections can
accommodate a rotation angle greater than the allowable limit (i.e., typically 0.03 radian for plastic
deformation) before structural beam members reach full plastic moment. This is because tension bolts

Metals 2017, 7, 386 113 www.mdpi.com/journal/metals

Bo
ok
s

M
DP
I



Metals 2017, 7, 386

where plastic deformation may concentrate are fabricated with carbon steel materials, which are rich
in ductility [4–6]. Contrary to the FR welded connections, the PR bolted connections cope flexibly with
axial couple forces converted from bending moment, and simultaneously possess excellent energy
dissipation capacity without rapid strength degradation [7–9]. When structural beam members are
subjected to either initial yielding or local buckling as preliminary collapse, the typical PR bolted
connections exhibit delayed deterioration to withstand additional force until the tension bolts installed
arrive at ultimate strength [9–11].

Although the PR bolted connections can be substituted for the existing FE welded connections,
they are restricted to modern structures, which are becoming larger and higher, and thus it is necessary
to improve their performance. The tension bolts made of ductile carbon steel prevent breaking or brittle
failure by permitting the concentration of plastic deformation, but immoderate residual deformation
may occur at the PR bolted connection [4–6,12]. Extra cost is required to recover the original condition
after strong excitation. For this reason, this study suggests new PR bolted connections that are
integrated with superelastic shape memory alloy (SMA) bolts replacing conventional steel bolts in
an effort to reduce the residual deformation at the connection, enhancing the recentering capability.
Unless other connection members are prone to generate plastic yielding, superelastic SMA-bolted
connections can recover the initial shape without any permanent displacement after the removal of the
applied load.

Temperature-dependent stress and strain curves for SMA materials are presented in Figure 1.
At the martensite phase transformation temperature, SMA materials are susceptible to residual
deformation upon unloading, and exhibit a shape memory effect where an additional heating process
is required to revert to the original shape [13]. The crystallographic conversion from martensite phase
to austenite phase, which provides a recentering capability to the SMA material, takes place during this
heating process [13,14]. The superelastic effect, which can automatically recover the original conditions
without heating, may be observed at the austenite phase transformation temperature, which is
above the martensite one, and thus superelastic SMA materials behave according to the flag-shaped
hysteresis loop shown in the figure [14]. Due to the improvement of manufacturing technology, SMA
materials have been able to generate the superelastic effect at room temperature for the last 30 years.
In addition to medical, mechanical, and electronic instruments, superelastic SMA materials have been
utilized as dampers, passive control devices, and fasteners in the civil engineering field since the early
2000s [13,14]. In particular, some representative studies on the behavioral characteristics of superelastic
SMA bolted moment connections (e.g., end plate and T-stub connections) in terms of recentering and
energy dissipation have been recently carried out by researchers [15–18].

Shape Memory Alloy (SMA)

St
re

ss
 (

)

Strain ( )

Unloading

Unloading

Loading

Loading

Heating

Superelasticity

Shape Memory 
Effect

Strain ( )

Strain ( )

Figure 1. Temperature-dependent stress and strain curves for SMA (shape memory alloy) materials.
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In this study, T-stub connections that firmly clamp structural beams to column members are
designed with tension bolts made by superelastic SMAs, as shown in Figure 2. The T-stub connections
can delivery bending moment (M) as well as shear force (V) from beams to columns. T-stub components
including tension bolts are subjected to couple forces (P) transferred from bending moment (M),
as follows:

M = VL, (1)

P = M/d, (2)

where L indicates the length of the beam and d denotes the depth of the beam. The simplified
T-stub components instead of the full-scale T-stub connections are intended to simulate inelastic
behavior under cyclically axial loads and directly evaluate the performance of superelastic SMA
bolts in the T-stub component. The several T-stub components are designed with variable design
parameters such as T-stub flange thickness and bolt gauge length, which can determine the extent
of the prying action mechanism, and then their possible failure modes are investigated through the
study of the theoretical prying action model. In lieu of experimental tests, the behaviors of such T-stub
components are reproduced by advanced finite element (FE) analysis, generally used for estimating
structural performance. According to the occurrence of plastic yielding in the steel T-stub member,
recentering and energy dissipation capacity for T-stub components will be evaluated together with
accompanying SMA bolt behavior. Finally, optimal design methodology is proposed to make the best
of structural performance with respect to recentering capability and energy dissipation capacity in the
T-stub component.

V

P

P

M

P

T-stub 
Connection

T-stub 
Component

Beam

Column

SMA 
Bolt

d

L

Figure 2. Schematic of the T-stub component and connection.

2. Prying Model

The prediction of the ultimate capacity for the T-stub component is quite complex in that several
failure modes (e.g., yielding and fracture) correlate with each other and are tied up with uncertainties
related not only to material properties but also to fabrication tolerances [7,8]. The prying action
mechanism achieved by some assumption that T-stub flanges and tension bolts are considered to
be beam members and spring supports, respectively, becomes a representative model to predict
its response and failure mode. In this study, the prying action model specified in the AISC-LRFD
(American Institute of Steel Construction-Load Resistance Factored Design) design guideline is adopted
to evaluate the ultimate capacity of the T-stub component [18]. This prying action model was based
upon one of the most popular models proposed by Kulak et al. [19]. The T-stub components subjected
to axial force are accompanied by the yielding of the T-stub flange and the fracture of the tension bolt
according to the increase of the applied load. The failure modes determined by the prying action
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mechanism have a significant influence on recentering and energy dissipation at the T-stub component.
Thus, several T-stub components are designed by regulating the amount of prying action, which can
be simultaneously affected by T-stub flange thickness and bolt gauge length.

The typical prying action mechanism occurring at the T-stub component is illustrated in Figure 3.
When axial force is applied to the T-stub web, as shown in Figure 3a, T-stub flanges with relatively
thin thickness are susceptible to deflection dominated by bending moment. The tension bolts can
be modeled as deformable spring elements acting as flexible supports, and clamped to the column
flange. As seen in this figure, prying force (Q), referred as to surplus reaction force, takes place at
the edge of the T-stub flange, and increases the summation of bolt reaction forces, thereby stirring up
preliminary failure. The equilibrium state defined in Equation (3) can be established by this prying
action mechanism in the T-stub component. The amount of such prying force can be minimized by
either increasing the thickness of the T-stub flange (tf) or decreasing the length of the bolt gauge (gt).
When the intensity of the prying force gradually increases, the deformation caused by the deflection of
the T-stub flange and the tension bolt becomes dominant [16]. This degrades the ultimate capacity of
the T-stub component because the resistance strength against bending moment is relatively smaller
than that against axial force. In this case, the T-stub component has a tendency to easily create the
yielding of the T-stub flange as the preliminary failure. The geometric definition of the prying action
model, which is appropriate to determine the ultimate capacity of the T-stub component, is presented
in Figure 3b. In the prying action model suggested by Kulak et al., equivalent bolt reaction forces and
maximum bending moments are assumed to act at the inside edge of the bolt shank rather than at
the center of the bolt shank [16]. This prerequisite is based on the fact that more bolt head pressure
is distributed into the T-stub flange inside the bolt head than outside the bolt head. It is adequate
to use a′ and b′, defined in Equations (3) and (4), instead of a and b, with the aim of elucidating
static equilibrium.

ΣB = P + Q, (3)

a′ =

(
a +

db
2

)
, (4)

b′ =

(
b − db

2

)
, (5)

where db indicates the diameter of bolt shank. The ultimate capacity of the T-stub component can
be estimated on the basis of three failure modes formed by taking the relationship between T-stub
flanges and tension bolts into consideration (see Figure 4). These three failure modes consist of the
formation of plastic yielding in the T-stub flange (see Figure 4a), tension bolt fractures combined with
flange yielding (see Figure 4b), and pure tension bolt fracture without any prying action (see Figure 4c),
which correspond to Equations (6)–(8), respectively:

P =
(1 + δ)

4b′ pFytf
2, (6)

P =
ΣBa′

a′ + b′ +
pFytf

2

4(a′ + b′)
, (7)

P = ΣB, (8)

where Fy indicates the yield stress of the T-stub flange fabricated by general carbon steel, and ΣB
represents the summation of bolt reaction forces under ultimate stress. Fy and ΣB are applied to
325 MPa and 540 MPa, respectively. Moreover, p and δ represent the effective width of the T-stub
flange and the ratio of the net section area to the gross section area, respectively, and thus are expressed
as follows:

p =
2WT-stub

ntb
, (9)
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δ = 1 − dh
p

, (10)

where ntb and dh stand for the number of the used tension bolts and the diameter of the bolt hole.
WT-stub represents the width of the T-stub.

 

 
Figure 3. Typical prying action mechanism: (a) Prying action mechanism; (b) geometric definition.

Figure 4. Three possible failure modes: (a) Mode 1 (α > 1); (b) Mode 2 (0 < α ≤ 1); (c) Mode 3 (α ≤ 0).
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The intensity of the prying action mechanism can be classified to use the parameter defined in
Equation (11) as follows:

α =

(
1
δ

)(
4Pb′

ptf
2Fy

− 1

)
. (11)

This parameter for the level of the prying action present (α) is determined by the ratio of the
moment on the centerline of the T-stub component to the moment on the centerline of the bolt shank,
including the magnitude of prying force on the edge of the T-stub flange [8,19]. When the prying action
parameter exceeds one (α > 1.0), the thickness of the T-stub flange is sufficient to generate yielding
caused by bending deflection. Therefore, in this case (Mode 1), the T-stub flange can be considered a
fixed support beam, and the plastic hinges presented in Figure 4a take the place of the T-stub flange.
Compared to the other two failure modes (Mode 2 and Mode 3), this failure mode provokes a relatively
larger bending moment and prying force on the T-stub flange.

The prying action mechanism under this failure mode may serve as one of the significant points
to degrade strength capacity for the entire T-stub component. The T-stub flange fabricated with carbon
steel undergoes the stage of its material strain hardening after initial yielding, thereby providing
extra resistance against external force until ultimate stress comes to the T-stub flange. If ultimate bolt
fractures happen prior to reaching ultimate stress in the T-stub flange, tension bolt prying combined
with flange yielding (Mode 2) will be preceded by initial yielding failure of the T-stub failure which is
referred to as Mode 1. Once T-stub flanges are redesigned with increasing thickness and decreasing
bolt gauge length, T-stub components have a high possibility to generate Mode 2 or Mode 3 failure
shape. When 0 < α ≤ 1, tension bolt fractures mainly produced by bending prying deflection and
flange yielding take place at the same time (Mode 2). Finally, when the prying action parameter is
below zero (α < 0), the prying force becomes zero in that the T-stub flange completely separates from
the column plate. Due to the absence of prying action in the tension bolt, ultimate fracture caused by
pure axial force may occur after reaching ultimate stress.

On the basis of the prying action model, the general solution used for determining the capacity of
the T-stub component can be plotted as the function of the T-stub flange thickness (tf). The theoretical
solution for the failure modes according to increasing flange thickness is presented in Figure 5. The line
segment OB computed by Equation (6) stands for the capacity of the T-stub component, which can
be determined based on the preliminary yielding failure mainly caused by prying action on the
T-stub flange. The bolt fractures combined with flange yielding are displayed in the line segment BC
formulated by Equation (7), while pure tension bolt fractures without any prying action are reproduced
in the line segment CE computed by Equation (8). The line segment CE remains constant over flange
thickness, regardless of T-stub flange capacity. In this study, the summation of bolt reaction forces (ΣB)
is taken as the value of 430 kN obtained from the product of ultimate stress (540 MPa) to the total bolt
shank area. In Figure 5, a′ and b′ are applied to 108 mm and 32 mm, respectively (Case 1 to Case 8,
see Table 1). The expanded line segment AB can be computed by Equation (7) under the condition
where the prying action parameter α exceeds 1.0. This line segment can be utilized for determining
the capacity of the T-stub component when ultimate bolt fractures preceded by initial flange yielding
occur due to bolt prying. As shown in Figure 5, the capacity of the T-stub component whose flange
thickness is less than 22.5 mm can be evaluated by the line segment OB indicating initial flange yielding
(Mode 1), and then finally determined by tension bolt fractures on the extended line segment AB
(Mode 2) during the increase of loading capacity. In this case, tension bolts are subjected to not only
axial displacement but also bending deflection caused by prying action, and thus have a tendency to
more easily fail under relatively smaller external force as compared to the T-stub component belonging
to the line segment CE. This implies that prying action acting on the head of the tension bolt can
weaken resistance strength capacity for the T-stub component. The design of the T-stub component
models in accordance with the prying action mechanism will be treated in the next section.
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Figure 5. General solution for the failure modes according to increasing flange thickness.

3. Model Design

3.1. Specimen Design

At the behavior of the T-stub component with superelastic SMA bolts, the extent of recentering
capability and energy dissipation capacity depends on the level of the prying action present. The T-stub
component models presented herein were designed with several prying action levels and different
failure modes, which were regulated by flange thickness and bolt gauge length. After completing
the design of the T-stub component models, their behaviors were simulated by advanced nonlinear
finite element (FE) analyses. Ultimately, optimal design methodology for smart recentering T-stub
components with superelastic SMA bolts is intended to be proposed through the observation of
the FE analysis results in an effort to make the best use of their recentering capability and energy
dissipation capacity.

The component details including the dimensions of the component models are illustrated in
Figure 6. The geometric sizes for individual dimensions defined in the Figure 6 are summarized in
Table 1 for all T-stub component models. These component models can be classified as two groups
in accordance with the ratios of H1 to H2 (i.e., H1/H2 = 1/3 and H1/H2 = 2/3), which can regulate
the amount of prying action. The first group models ranging from Case 1 to Case 8 was designed
with H1/H2 = 1/3. On the other hand, the second group models ranging from Case 9 to Case 16 was
designed with H1/H2 = 2/3 indicating relatively larger prying action than the first group models.
The thickness of the T-stub flange varied from 50 mm to 15 mm, and was equally divided into eight
model cases. All T-stub component models were designed with 20 mm web thickness (tw), 16 mm bolt
diameter (dh), and 140 mm bolt length. According to the thickness of the T-stub flange, the thickness
of the column plate (tc) was varied to fit the net length of the tension bolt (e.g., tf + tc = 140 mm).
The superelastic SMA bolts were designed with 430 kN ultimate strength computed by the product of
ultimate stress (540 MPa) to total bolt shank area.
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Figure 6. Component details: (a) Front view; (b) side view; (c) plan view; (d) test setup.

The design results based on the prying action mechanism for the four selected models are
presented in Figure 7. The Case 3 model and the Case 7 model belong to the first group designed in
accordance with H1/H2 = 1/3, but the flange thickness of the Case 3 model is twice more thick than
that of the Case 7 model. In addition, the Case 11 and Case 15 models were designed with H1/H2 = 2/3.
The Case 11 has 40 mm flange thickness, meaning that its flange thickness is also twice more thick
than the flange thickness of the Case 15 model. Therefore, the Case 3 model and the Case 7 model
lie in similar H1/H2 ratios comparable to the Case 11 and Case 15, respectively. The capacity of the
T-stub component grows to be deteriorate when the level of the prying action present controlled by the
ratio of H1/H2 begin to increase under the same flange thickness. It can be also found that the failure
mode may shift from bolt fracture to flange yielding. The Case 3 model subjected to pure bolt fracture
(α = −0.31 for Mode 3) possesses 430 kN ultimate strength while the Case 11 model experiencing bolt
fracture combined with flange yielding (α = 0.40 for Mode 2) has smaller 317 kN ultimate strength.
The Case 7 model undergoing Mode 1 failure shape (α = 1.64) is subjected to preliminary flange
yielding when force arrives at 284 kN. Thereafter, it will ultimately fail by bolt fracture combined
with plastic hinge on the T-stub flange when force increases to 369 kN. Similarly, the Case 15 model
undergoes Mode 2 failure shape at 215 kN force after preceded by Mode 1 failure shape at 111 kN
force. The ultimate capacity and failure mode of individual T-stub component models are summarized
in Table 1.

Figure 7. Cont.
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Figure 7. Design results based on prying action mechanism: (a) Case-3; (b) Case-7; (c) Case-11;
(d) Case-15.

3.2. 3D Finite Element Models

In lieu of experimental tests, cyclic behaviors for the T-stub components incorporating superelastic
SMA tension bolts are simulated through nonlinear FE analyses, and evaluated in terms of recentering
effect and energy dissipation capacity. The ABAQUS program (Version 6.12, Simulia, Pawtucket, RI,
USA) was used to perform these nonlinear FE analyses [20]. The FE models were fabricated with
16 T-stub component specimens presented in Table 1, as considering not only geometric nonlinearity
but also nonlinear material property during analyses. The FE models composed of element mesh,
loading, and boundary conditions (BCs) are illustrated in Figure 8. These FE models are made up of 3D
eight-node solid elements (C3D8) with nonlinear material properties. All 3D eight-node solid elements
used in the Case 3 model were made in the form of the 10 mm × 10 mm × 10 mm cube (16,300 element
numbers). The number of the used elements varies according to the model cases. The individual parts
were divided by structural meshes in order to align the solid elements in an effective manner, and thus
the analytical prediction becomes more accurate. The separate step was generated with an intention to
impose initial adjustment displacement acting as pretension force on the middle surface of the tension
bolt. Instead of modeling the entire column, the BCs applied to the column plate can be substituted to
save time and cost.

 

Figure 8. 3D FE (Finite element) models (Case 3 models): (a) Element mesh; (b) loading and BCs
(boundary conditions) of front view; (c) loading and BCs (boundary conditions) of side view.

After applying initial adjustment displacement, the second step was independently generated to
impose displacement-controlled cyclic loading on the edge of the T-stub web as shown in Figure 8a,b.
Figure 9 shows the used displacement loading history, where the amplitude of the cycle ascends to
4mm maximum displacement as time goes on. This displacement loading history was reproduced
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by utilizing the amplitude function provided in the ABAQUS program, and assigned to the released
BCs (loading points) imposed on the edge of the T-stub web. The displacement-controlled loading
history can be converted into reaction force by the summation of the forces at the loading faces. During
compression, referred to as minus displacement loading, compression bearing occurs at the contact
surface between T-stub flange and column plate, and reaction force including stiffness increase very
fast. When applying compression to the T-sub component, the summation of bolt reaction forces is
negligible. Accordingly, the amplitude of compression displacement, which is much smaller than that
of tension displacement, should be applied to FE models. The stress contour fields were measured at
the specific displacement loading points such as S1, S2, S3, and S4.

Besides geometric nonlinearity, material nonlinearity was considered during FE modeling for the
purpose of performing accurate analyses. Including column plates, T-stub members were constructed
with typical Gr.50 carbon steel materials which include 325 MPa yield stress, 200 GPa elastic modulus,
and 1.5% strain hardening ratio. The behavior of this steel material was reproduced by utilizing
the isotropic hardening material model, which displays stress relaxation, Bauschinger effect, and
ratchetting response [20]. The nonlinear material properties were assigned to individual parts
composed of 3D solid elements. The default material model used to numerically simulate the behavior
of the superelastic SMA material is absent in the ABAQUS program, and thus the user-defined material
(UMAT) model was employed to FE modeling [21]. The material input properties required to operate
the UMAT model were obtained from uni-axial pull-out tests performed by DesRoches et al. [14].
The stress and strain curves for superelastic SMA materials are shown in Figure 10. The material
input properties needed to reproduce the behavior of the superelastic SMA during FE analyses were
taken as 40 GPa for elastic modulus, 0.33 for Poisson’s ratio, 440 MPa for martensite start stress,
540 MPa for martensite finish stress, 250 MPa for austenite start stress, 140 MPa for austenite finish
stress, 0.045 radian for slip strain, and 25 ◦C for transformation reference temperature. The simulated
stress and strain curve was modeled as a series of straight lines, which reflect the path of each phase
transformation. In general, the simulated stress and strain curve exhibits good agreement with the
experimental stress and strain curve.
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Figure 10. Material properties of SMA materials: (a) Experimental curve; (b) simulated curve.

4. Analysis Results

4.1. Behavior of T-Stub Components

The behavior of the T-stub component models constructed with variable flange thickness and bolt
gauge length was reproduced through advanced nonlinear FE analyses, and then their performance
was appraised based on the observation of the analysis results according to design parameters.
The intensity of the prying action mechanism as well as the magnitude of prying force will be evaluated
by examining the deflection of the T-stub flange, which is measured at the specific loading points.
The force and displacement curves simulated by FE analyses are presented in Figure 11. These curves
are obtained by imposing the displacement-controlled loading history (see Figure 9) on the edge of the
T-stub web. When applying 4 mm maximum displacement, residual displacements upon unlading
(Δres) are also examined to assess recentering capability according to each model case. The Case 1
model as one of the representative cases with Mode 3 failure shape exhibits the flag-shaped hysteresis
loop which completely coincides with the behavior of the superelastic SMA materials, and arrives
at 400 kN maximum force under 4 mm displacement. Overall, the four models classified as the first
group with Mode 3 failure shape (Case 1 to Case 4) completely recovered their original configuration
without residual displacement, meaning that T-stub flanges maintain an elastic state throughout FE
analyses and that plastic deformation concentrates on the superelastic SMA bolts. The yielding of the
hysteresis loop generally occurs at approximately 380 kN force under below 1.7 mm. It is affirmed
that these four models are able to permit 7 mm displacement to reach 430 kN force corresponding to
ultimate strength capacity for superelastic SMA bolts, as considering their post-yield stiffness in the
hysteresis loop.

As the parameter α is close to the unit, the T-stub component models that fail by Mode 2 failure
shape begin to create residual displacement upon unloading. Furthermore, ultimate strength measured
at 4 mm starts to decrease below 400 kN force. Although the T-stub component models whose the
parameter α is close to zero arrive at 400 kN force under 4 mm displacement, they are not expected
to reach the ultimate strength of the tension bolts (430 kN) due to flange yielding and bolt prying.
There is a tendency to augment the amount of residual displacement and to reduce the capacity of
the T-stub component when the parameter α regulated by flange thickness and bolt gauge length
starts to increase. The T-stub component models which fail by Mode 1 failure shape exhibit strength
capacity well below 400 kN force under 4 mm displacement, and engender considerable amount
of residual displacement. Strength degradation mainly happens due to plastic hinge caused by the
prying action mechanism on the T-stub flange. The Case 16 model which has the largest prying action
present just generates 189 kN force at 4 mm displacement and as much as 4 mm residual displacement
upon unloading. In addition to residual displacement, the lowering of the energy dissipation capacity
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represented by the area of the hysteresis loop can be attributed to the large amount of the prying action
mechanism. As compared with the first group models with H1/H2 = 1/3, the second group models
with relatively larger H1/H2 = 1/3 are prone to strength degradation and residual displacement under
the same flange thickness because of more severe prying action.

 

 

Figure 11. Cont.
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Figure 11. Total displacement and force curves for the 16 model cases: (a) Case-1 (α = −0.60); (b) Case-2
(α = −0.48); (c) Case-3 (α = −0.31); (d) Case-4 (α = −0.06); (e) Case-5 (α = 0.25); (f) Case-6 (α = 0.74);
(g) Case-7 (α = 1.64); (h) Case-8 (α = 3.58); (i) Case-9 (α = 0.09); (j) Case-10 (α = 0.22); (k) Case-11
(α = 0.40); (l) Case-12 (α = 0.66); (m) Case-13 (α = 1.06); (n) Case-14 (α = 1.74); (o) Case-15 (α = 2.98);
(p) Case-16 (α = 5.65).
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4.2. Stress Filed Contours

It is also necessary to check both deformed configurations and stress field contours so as to
elucidate the response mechanism acting on the T-stub component. According to the individual
displacement loading steps (S1 to S4 defined in Figure 9), stress field contours distributed over the
T-stub components and deformed configurations with five times the deformation scale factor (DSF)
are presented in Figure 12. The Case 3 model completely separates the T-stub flange from the column
plate, and relatively thick flange thickness enables this model to maintain original configuration with
nearly zero deflection. The stress field contours distributed over the Case 3 model show that the
T-stub member remain elastic during all displacement loading steps. Instead, stress concentration
takes place at the tension bolts subjected to axial force without bolt prying. The Case 7 model and the
Case 11 model separate the T-stub flange from the column plate, but deformed like an arch with the
distribution of slightly higher stress as compared to the Case 3 model. The T-stub flange of the Case 15
model subjected to Mode 1 failure shape is still attached to the column plate when even applied to
4 mm displacement loading. This model is perfectly bent as a bow by severe prying action, and plastic
hinges are found at the stress filed contour distributed over the T-stub flange. Although the Case 7
model and the Case 15 model completely recover to original shape, residual stress greater than their
yield stress is observed at the T-stub flange. Both models are prone to generating bending deflection
arising due to the prying action mechanism, and susceptible to severe damage even under relatively
small loading. It can be shown that the intensity of prying action on the T-stub flange leads to directly
decreasing the capacity of the T-stub component. As we expect, superelastic SMA bolts show nearly
zero residual stress at their original position (S4).

Figure 12. Von Mises stress contours and deformation configurations (DSF = 5.0; DSF: Deformation
scale factor): (a) Case-3; (b) Case-7; (c) Case-11; (d) Case-15.

4.3. Recentering Capabilities of Shape Memory Alloy (SMA) Bolts

In this section, the behavior of the superelastic SMA bolts is required to be examined with an
intention to verify the adequacy of FE modeling and to clarify the response of the T-stub component,
including energy dissipation capacity. The T-stub members presented herein are connected to the
column plates by using four superelastic SMA bolts. The average bolt reaction force versus uplift
displacement curves for four model cases selected in this study are presented in Figure 13. The T-stub
component models with Mode 3 failure shape indicating relatively smaller prying action response
display good energy dissipation at the behavior of the superelastic SMA bolts. For instance, the Case
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3 model has the largest area of the hysteresis loop standing for energy dissipation capacity while
the Case 15 model dissipate nearly zero amount of kinetic energy within the elastic range. In the
Case 3 model, the maximum bolt uplift is able to reach almost 4 mm displacement, equal to the
maximum displacement load because the superelastic SMA bolts majorly undergo axial force without
bolt prying. Small discrepancy only results from the deformation of the T-stub web. On the other hand,
the maximum bolt uplift of the Case 15 model only reaches 1.5 mm under maximum displacement
loading, indicating that most of the deformable contributions may be attributed to the deformation
of the T-stub flange arising due to prying. For these reasons, the Case 3 model that can produce the
largest bolt uplift among other models makes the best use of recentering and energy dissipation, which
are supplied by the superelastic SMA bolts.

 

Figure 13. Average bolt reaction force and uplift displacement curves for four model cases: (a) Case-3;
(b) Case-7; (c) Case-11; (d) Case-15.

For another performance examination, the total bolt reaction force versus applied force curves are
presented in Figure 14. The force versus displacement curves for the T-stub component under the last
cycle of the displacement loading history are presented in Figure 15. The energy dissipation capacity
of the T-stub component models can be evaluated by computing the area of these curves. The zero
prying lines indicating P = ΣB are also plotted as the red dotted lines. The total bolt reaction forces
(4B) begin at the non-zero value because of initial bolt pretension, and then gradually increase as the
forces applied to the T-stub web ascend. In the beginning of the displacement loading history, prying
force (Q) acting on the edge of the T-stub flange increases owing to the initial bolt pretension [22].
However, except for the Case 15 model, the effect of prying force gradually dwindles away to nothing
as the displacement loading history goes on. Finally, applied force coincides with total bolt reaction
force, thereby meeting the equilibrium state. The Case 15 model can preserve prying force even under
the last cycle of the displacement loading history, and thus meets the equilibrium conditions defined
in Equation (3). When compression force is imposed on the T-stub component, the T-stub flange is
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subjected to bearing compression. This bearing compression leads to the applied force increasing very
quickly, but has no influence on the bolt reaction force.

 

Figure 14. Prying action results: (a) Case-3; (b) Case-7; (c) Case-11; (d) Case-15.

4.4. Energy Dissipation Capacity of T-Stub Components

As shown in Figure 15, the Case 3 model possesses the best energy dissipation capacity, while
the Case 15 model possesses the least energy dissipation capacity at the hysteresis loop. In particular,
the behavior of the Case 3 model is very similar to the behavior of the superelastic SMA bolts
combined in parallel, which is characterized by the flag-shaped hysteresis loop. In addition to
recentering, the kinetic energy dissipated in the T-stub component mainly results from the response of
the superelastic SMA bolts rather than the metallic yielding of the T-stub flange. Accordingly, optimal
design methodology that makes the best use of recentering capability and energy dissipation capacity
at the smart recentering T-stub component can be achieved by concentrating plastic deformation on the
superelastic SMA bolts, and simultaneously other component members shall be designed to maintain
the elastic condition.
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Figure 15. Energy dissipation capacity for four model cases during the last loading cycle: (a) Case-3;
(b) Case-7; (c) Case-11; (d) Case-15.

5. Concluding Remarks

In this study, T-stub components that are subjected to axial couple forces converted from bending
moment usually acting on the bolted PR connection are designed, and then new smart recentering
T-stub components utilizing superelastic SMA bolts are proposed with an aim to enhance their
recentering capability. The T-stub component models are constructed with different design parameters
such as flange thickness and bolt gauge length. Instead of conducting the experimental tests, the
behavior of such T-stub components is simulated by the FE analyses. Including the capacity of the
T-stub component, recentering capability and energy dissipation capacity can be determined by the
prying action mechanism regulated by the design parameters used. The T-stub component models
designed with thinner flange thickness and longer bolt gauge length have a relatively smaller strength
capacity due to the occurrence of flange yielding as the preliminary failure mode, and do not generate
adequate deformation of the tension bolts. However, the T-stub models with thick flange thickness and
short bolt gauge length lead to ultimate bolt fractures arising due to axial force instead of bolt prying,
and thus accommodate enough resistance against external force. These models can effectively reduce
the residual displacement by appropriately utilizing recentering and energy dissipation provided
by the superelastic SMA bolts, and can behave as a flag-shaped hysteresis loop. Therefore, smart
recentering T-sub components equipped with superelastic SMA bolts should be constructed based on
the design concept that plastic deformation only concentrates on the tension bolts in order to maximize
their performance with respect to recentering and energy dissipation.
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Abstract: Damping properties of the inherent and intrinsic internal friction peaks (IFPT + IFI) of
Cu-xZn-11Al (x = 7.0, 7.5, 8.0, 8.5, and 9.0 wt. %) shape memory alloys (SMAs) were investigated by
using dynamic mechanical analysis. The Cu-7.5Zn-11Al, Cu-8.0Zn-11Al, and Cu-8.5Zn-11Al SMAs
with (IFPT + IFI)β3(L21)→γ′

3(2H) peaks exhibit higher damping capacity than the Cu-7.0Zn-11Al SMA
with a (IFPT + IFI)β3(L21)→γ′

3(2H) peak, because the γ′
3 martensite phase possesses a 2H type structure

with abundant movable twin boundaries, while the β′
3 phase possesses an 18R structure with stacking

faults. The Cu-9.0Zn-11Al SMA also possesses a (IFPT + IFI)β3(L21)→γ′
3(2H) peak but exhibits low

damping capacity because the formation of γ phase precipitates inhibits martensitic transformation.
The Cu-8.0Zn-11Al SMA was found to be a promising candidate for practical high-damping
applications because of its high (IFPT + IFI) peak with tan δ > 0.05 around room temperature.

Keywords: shape memory alloys (SMAs); martensitic transformation; internal friction; dynamic
mechanical analysis

1. Introduction

Shape memory alloys (SMAs) have been widely investigated for a broad range of applications
because of their unique shape memory effect and superelasticity [1]. Numerous studies have shown
that SMAs also exhibit a high damping capacity during martensitic transformation, and are effective for
energy dissipation applications [2–5]. The damping capacity of SMAs is typically determined using an
inverted torsion pendulum or dynamic mechanical analysis (DMA). During damping measurements,
SMAs normally exhibit a significant internal friction peak (IF peak) at the martensitic transformation
temperature, and the damping capacity is closely related to experimental parameters, including
temperature rate, frequency, and applied strain amplitude [2,6].

The IF peak of SMAs typically comprises three individual terms (i.e., IF = IFTr + IFPT + IFI) [6–8].
IFTr denotes transient internal friction, which appears only at low frequencies and a non-zero
temperature change rate. IFPT is the inherent internal friction corresponding to phase transformation,
which is independent of temperature rate. IFI is the intrinsic internal friction of the austenitic
or martensitic phase, and it depends strongly on microstructural properties such as dislocations,
vacancies, and twin boundaries. It has been reported that IFI is also temperature rate dependent, since
time-dependent pinning affects the intrinsic damping and depends on the concentration of mobile
pinning points throughout the heat treatment procedure during thermal cycling and deformation of
Cu-based alloys [9–12]. The damping capacities of IFPT and IFI are usually more important than that
of IFTr because most high-damping applications of SMAs are realized at a steady temperature.

Chang and Wu [13–22] have systematically studied the inherent and intrinsic internal friction
(IFPT + IFI) peaks for various SMAs by applying DMA using the isothermal method. According to their
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results, TiNi-based SMAs exhibit acceptable damping capacities during martensitic transformations
with tan δ > 0.02. Cu-Al-Ni and Ni2MnGa SMAs show (IFPT + IFI) peaks above room temperature.
However, the damping capacity of the (IFPT + IFI) peaks for these SMAs was not as good as expected.
The martensitic transformation temperatures of Cu-Zn-Al SMAs can be controlled by carefully
adjusting their chemical composition [23], suggesting that Cu-Zn-Al SMAs have the potential to
exhibit significant (IFPT + IFI) peaks above room temperature. Numerous studies have reported the
transformation behaviors, crystal structures, and mechanical properties of Cu-Zn-Al SMAs [23–35].
Besides, several works in the literature have also investigated the internal friction properties of
Cu-Zn-Al SMAs [36–40]. To date, the damping properties of (IFPT + IFI) peaks for Cu-Zn-Al SMA
have not been investigated, to the best of our knowledge. Therefore, the aim of this study was to
investigate the inherent and intrinsic internal friction properties of Cu-Zn-Al SMAs with regard to
their damping properties.

2. Materials and Methods

Polycrystalline samples of Cu-xZn-11Al (x = 7.0, 7.5, 8.0, 8.5, and 9.0 wt. %) SMAs were prepared
from pure copper (purity 99.9 wt. %), zinc (purity 99.9 wt. %), and aluminum (purity 99.9 wt. %).
The raw materials were melted at 1100 ◦C in an evacuated quartz tube for 6 h and then slowly
cooled in the furnace to room temperature to form Cu-xZn-11Al SMA ingots. The ingots were
solution-treated at 850 ◦C for 12 h, followed by quenching in ice water. Each ingot was cut into bulks
with dimensions of 30.0 mm × 6.0 mm × 3.0 mm for the DMA tests. The crystallographic features of the
solution-treated Cu-xZn-11Al SMAs were determined using a Rigaku Ultima IV X-ray diffraction (XRD)
instrument with Cu Kα radiation (λ = 0.154 nm) at room temperature. Microstructural observations
of Cu-xZn-11Al SMAs were performed with a Tescan 5136MM scanning electron microscope (SEM).
The chemical compositions of Cu-xZn-11Al SMAs were determined with an Oxford Instruments x-act
energy-dispersive X-ray spectroscope (EDS). According to the EDS results, the determined chemical
compositions for Cu-xZn-11Al with x = 7.0, 7.5, 8.0, 8.5, and 9.0 SMAs were Cu-7.14Zn-11.25Al,
Cu-7.57Zn-11.29Al, Cu-8.18Zn-11.40Al, Cu-8.69Zn-10.91Al, and Cu-8.98Zn-10.83Al, respectively,
suggesting that the determined chemical composition of each specimen was close to that of the
expected composition. The martensitic transformation temperatures and the transformation enthalpy
(ΔH) values for Cu-xZn-11Al SMAs were determined using a TA Q10 differential scanning calorimeter
(DSC) under a constant cooling/heating rate of 10 ◦C·min−1. The damping capacity (tan δ) for
Cu-xZn-11Al SMAs was determined using TA 2980 DMA equipment with a single cantilever clamp
and a liquid nitrogen cooling apparatus. The parameters for the DMA tests were a temperature rate
of 3 ◦C·min−1, frequency of 1 Hz, and strain amplitude of 1.0 × 10−4. The inherent and intrinsic
internal friction (IFPT and IFI) of Cu-xZn-11Al SMAs were also investigated by DMA, but tested under
a temperature rate of 1 ◦C·min−1, frequency of 10 Hz, and strain amplitude of 1.0 × 10−4.

3. Results and Discussion

3.1. XRD and SEM Results

Figure 1 presents the XRD results of Cu-xZn-11Al (x = 7.0, 7.5, 8.0, 8.5, and 9.0) SMAs. As
shown in the figure, the Cu-7.0Zn-11Al SMA exhibits diffraction peaks at 2θ = 39.0◦, 41.1◦, 43.0◦, 44.7◦,
46.3◦, and 47.8◦, which correspond to the

(
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)
, (201), (0018),

(
128

)
, (1210), and

(
2010

)
diffraction

planes, respectively, of the 18R structure [24]. Furthermore, the Cu-7.5Zn-11Al, Cu-8,0Zn-11Al, and
Cu-8.5Zn-11Al SMAs exhibit diffraction peaks at 2θ = 40.0◦, 42.7◦, and 45.3◦, which correspond to the
(200), (002), and (201) diffraction planes, respectively, of the 2H structure [34]. The Cu-9.0Zn-11Al
SMA shows only a sharp diffraction peak at 2θ = 43.2◦, which corresponds to the (220) diffraction
plane of the L21 structure. Therefore, we can conclude that the Cu-7.0Zn-11Al SMA is in the β′

3(18R)
martensite phase at room temperature. On the other hand, the Cu-7.5Zn-11Al, Cu-8,0Zn-11Al, and
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Cu-8.5Zn-11Al SMAs are in the γ′
3(2H) martensite phase, whereas the Cu-9.0Zn-11Al SMA is in the

β3(L21) parent phase at room temperature.
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Figure 1. XRD patterns for Cu-xZn-11Al SMAs with various Zn contents.

Figure 2a–e shows the SEM images for the Cu-7.0Zn-11Al, Cu-7.5Zn-11Al, Cu-8.0Zn-11Al,
Cu-8.5Zn-11Al, and Cu-9.0Zn-11Al SMAs, respectively. As shown in Figure 2a, the Cu-7.0Zn-11Al
SMA exhibits typical self-accommodating, zig-zag groups of β′

3 martensite variants, indicating that it
possesses an 18R structure at room temperature [33]. Figure 2b illustrates that the γ′

3(2H) martensite
structure is dominant in the Cu-7.5Zn-11Al SMA. Figure 2c,d demonstrate that the Cu-8.0Zn-11Al
and Cu-8.5Zn-11Al SMAs exhibit a γ′

3(2H) martensite phase at room temperature, where the γ′
3(2H)

martensite plates become broader and more significant with the increase in Zn content. Figure 2e
reveals that the Cu-9.0Zn-11Al SMA does not show obvious martensite variants because it adopts the
β3(L21) parent phase at room temperature. However, abundant γ phase precipitates appear along the
grain boundaries of the alloy. This feature has also been reported by Condó et al. [31], wherein the
γ phase normally formed when the electron/atom (e/a) ratios of Cu-Zn-Al SMAs were above 1.53.
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Figure 2f depicts the magnification of the precipitates presented in Figure 2e and shows that the γ

phase precipitates possess a typical crisscross structure with a size of approximately 20 μm.

Figure 2. SEM images of (a) Cu-7.0Zn-11Al, (b) Cu-7.5Zn-11Al, (c) Cu-8.0Zn-11Al, (d) Cu-8.5Zn-11Al,
and (e) Cu-9.0Zn-11Al SMAs under the same magnification. (f) A magnified SEM image of (e).

3.2. DSC Results

Figure 3 shows the DSC curves of Cu-xZn-11Al (x = 7.0, 7.5, 8.0, 8.5, and 9.0) SMAs. As shown in
Figure 3, each Cu-xZn-11Al SMA exhibits a single martensitic transformation peak in both cooling and
heating curves. According to the XRD and SEM results shown in Figures 1 and 2, one can conclude
that the Cu-7.0Zn-11Al SMA possesses a β3(L21) → β′

3(18R) martensitic transformation in cooling and
a β′

3(18R) → (L21) transformation in heating. On the other hand, the Cu-7.5Zn-11Al, Cu-8.0Zn-11Al, and
Cu-8.5Zn-11Al SMAs all exhibit a β3(L21) → γ′

3(2H) martensitic transformation in cooling and a γ′
3(2H)

→ β3(L21) transformation in heating. Although the Cu-9.0Zn-11Al SMA is in the β3(L21) parent phase
at room temperature, according to the report by Ahlers and Pelegrina [27], the Cu-9.0Zn-11Al SMA
should also exhibit a β3(L21) ↔ γ′

3(2H) martensitic transformation, for its e/a value was calculated
to be 1.528. Figure 3 also shows that the martensite start (Ms) temperature of the Cu-xZn-11Al SMAs
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decreases significantly from 104.0 ◦C to −21.2 ◦C when Zn content is increased from x = 7.0 to 9.0. This
is consistent with the study reported by Ahlers [23], in which the Ms temperature of the Cu-Zn-Al SMA
depended strongly on its chemical composition. On the other hand, the ΔH values of the specimens
shown in Figure 3 are not significantly different, as all are close to 6 J/g.
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Figure 3. DSC curves for Cu-xZn-11Al SMAs with various Zn contents.

3.3. DMA Results

Figure 4 shows the DMA curves of Cu-xZn-11Al (x = 7.0, 7.5, 8.0, 8.5, and 9.0) SMAs measured at
a controlled temperature rate of 3 ◦C·min−1, frequency of 1 Hz, and strain amplitude of 1.0 × 10−4.
Only the DMA cooling curves are shown in Figure 4, for clarity. The Cu-7.0Zn-11Al SMA possesses a
β3(L21) → β′

3(18R) IF peak with tan δ = 0.065 at approximately 95.0 ◦C. Compared to the Cu-7.0Zn-11Al
SMA, the Cu-7.5Zn-11Al, Cu-8.0Zn-11Al, and Cu-8.5Zn-11Al SMAs exhibit a more significant β3(L21)
→ γ′

3(2H) IF peak with higher tan δ values, above 0.12. However, the IF peak temperatures for
the Cu-7.5Zn-11Al, Cu-8.0Zn-11Al and Cu-8.5Zn-11Al SMAs were determined to be 59.8, 30.1, and
−9.6 ◦C, respectively, which are much lower than that of the Cu-7.0Zn-11Al SMA. The Cu-9.0Zn-11Al
SMA also possesses a β3(L21) → γ′

3(2H) IF peak at approximately −11.4 ◦C; however, its tan δ value is
only 0.082.
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Figure 4. DMA tan δ curves measured at 1 Hz and 3 ◦C·min−1 cooling rate for Cu-xZn-11Al SMAs
with various Zn contents.

3.4. IFPT and IFI Measurements

To investigate the inherent internal friction characteristics of Cu-xZn-11Al (x = 7.0, 7.5, 8.0, 8.5, and
9.0) SMAs, each specimen should be determined by DMA, but also assessed by the isothermal method
reported previously [13]. A typical isothermal test-procedure can be described as follows: The SMA is
initially cooled from the high temperature parent phase at a constant cooling rate and then maintained
isothermally at a set temperature for a sufficient time interval to ensure that the IFTr term decays completely,
leaving only the IFPT and IFI terms. Then, the SMA should be heated to a sufficiently high temperature to
ensure that the SMA is completely in the parent phase state. Subsequently, the SMA is cooled to another set
temperature and kept at a constant temperature to determine the IFPT and IFI values at that temperature.
The aforementioned isothermal method can effectively and accurately determine the IFPT and IFI values of
most SMAs [13–22]. However, this method is not suitable for the Cu-xZn-11Al SMAs in this study, because
the repeated thermal cycling may influence the martensitic transformation properties of Cu-xZn-11Al
SMAs, as demonstrated in Figure 5, which shows the DSC curve of the Cu-7.5Zn-11Al SMA for 10 repeated
heating and cooling cycles. As per this figure, the Ms temperature of the Cu-7.5Zn-11Al SMA gradually
decreased from 76.4 to 71.5 ◦C over the course of 10 repeated thermal cycles. In addition, the ΔH value
of the Cu-7.5Zn-11Al SMA decreased from 6.3 J/g to 5.4 J/g. The decreasing Ms temperature and ΔH
value can be attributed to the introduction of defects and dislocations during repeated thermal cycling,
depressing the martensitic transformations of the Cu-7.5Zn-11Al SMA. Similar results were also observed
in a previous study on the Ti51Ni39Cu10 SMA [16].

To address this issue, the IFPT and IFI values for Cu-xZn-11Al SMAs were also determined by
DMA, but the DMA was conducted at a high frequency where the IFTr term can be neglected [41].
In addition, Nespoli et al. [42] demonstrated that the IF values of SMAs determined by DMA
at a 1 ◦C·min−1 cooling rate and 10 Hz frequency are very close to the IFPT and IFI determined
under isothermal conditions. Accordingly, in this study, we used identical experimental parameters
(1 ◦C·min−1 cooling rate and 10 Hz frequency) to determine the IFPT and IFI of Cu-xZn-11Al SMAs,
and the results are presented in Figure 6. From Figure 6, it can be seen that the Cu-7.0Zn-11Al SMA
possesses an inherent and intrinsic internal friction peak during the β3(L21) → β′

3(18R) martensitic
transformation (IFPT + IFI)β3(L21)→β′3(18R) with tan δ = 0.026 at approximately 95.1 ◦C. Compared to
the Cu-7.0Zn-11Al SMA, the Cu-7.5Zn-11Al SMA exhibited a higher (IFPT + IFI)β3(L21)→γ′

3(2H) peak
with a higher tan δ value of 0.040, but at a lower temperature of approximately 56.5 ◦C. Figure 6 also
shows that both the Cu-8.0Zn-11Al and Cu-8.5Zn-11Al SMAs exhibit a high (IFPT + IFI)β3(L21)→γ′

3(2H)

138

Bo
ok
s

M
DP
I



Metals 2017, 7, 397

peak with a tan δ value above 0.05 at approximately 32.2 and −6.8 ◦C, respectively. However, the
Cu-9.0Zn-11Al SMA possesses a small (IFPT + IFI)β3(L21)→γ′

3(2H) peak with tan δ = 0.030 at a low
temperature of approximately −22.9 ◦C. In contrast to Figure 4, Figure 6 shows that the tan δ value of
the (IFPT + IFI) peak for each specimen measured at 10 Hz is much lower than that of the corresponding
IF peak measured at 1 Hz, suggesting that the IFTr term disappears when Cu-xZn-11Al SMAs are
measured at 10 Hz. Accordingly, we calculated the contribution of the (IFPT + IFI) peak to the overall
IF peak for each Cu-xZn-11Al SMAs, which was approximately 35% for all SMAs.
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Figure 5. DSC curve of Cu-7.5Zn-11Al SMA determined for 10 repeating heating and cooling cycles.

Figure 6 also shows that the (IFPT + IFI)β3(L21)→γ′
3(2H) peaks for the Cu-7.5Zn-11Al,

Cu-8.0Zn-11Al, and Cu-8.5Zn-11Al SMAs (tan δ > 0.04) are much higher than that of
(IFPT + IFI)β3(L21)→β′3(18R) for the Cu-7.0Zn-11Al SMA (tan δ = 0.026). In addition, the transformed
γ′

3 martensite phases of the Cu-7.5Zn-11Al, Cu-8.0Zn-11Al, and Cu-8.5Zn-11Al SMAs possess a 2H
type structure with abundant internal twin boundaries, which are easily moved to dissipate energy
during damping [34]. On the other hand, the transformed β′

3 phase for the Cu-7.0Zn-11Al SMA
only possesses an 18R structure with stacking faults, instead of movable twin boundaries [30].
Figure 6 reveals that the Cu-9.0Zn-11Al SMA also possesses an (IFPT + IFI)β3(L21)→γ′

3(2H) peak during
martensitic transformation, while exhibiting a lower tan δ value (0.030) compared to the other
(IFPT + IFI)β3(L21)→γ′

3(2H) peaks for Cu-xZn-11Al SMAs with lower Zn contents. This can be explained
by the fact that abundant γ phase precipitates form in the Cu-9.0Zn-11Al SMA (Figure 2). These
undesirable γ phase precipitates restrict the mobility of the parent phase/martensite interfaces, leading
to a small (IFPT + IFI)β3(L21)→γ′

3(2H) peak. Therefore, one can conclude that the Cu-8.0Zn-11Al SMA is
more suitable for practical high-damping applications because of its high (IFPT + IFI)β3(L21)→γ′

3(2H)

peak with a tan δ value above 0.05 at around room temperature. However, according to the SEM
results shown in Figure 2, the γ′

3(2H) martensite plates in Cu-xZn-11Al SMAs become broader with
the increase in Zn content. Increasing the width of the martensite band normally decreases the number
of twin boundaries, suggests that Cu-xZn-11Al SMAs with higher Zn content should exhibit lower
damping capacity. Nevertheless, this is not seen in the DMA results shown in Figures 4 and 6. The
reason for this unexpected DMA results is not clear yet, further follow-up studies will be carried out.

3.5. Comparison of the IFPT and IFI of the Cu-8.0Zn-11Al SMA with Other SMAs

According to our previous studies, Ti50Ni50 [13], Ti50Ni40Cu10 [21], and Ti50Ni47Fe3 [22] SMAs all
have acceptable damping capacity, exemplified by their (IFPT + IFI) peaks with tan δ > 0.02. However,
their low martensitic transformation temperatures seriously restrict the use of these SMAs for practical
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high-damping applications. Although the Cu-14.0Al-4Ni SMA [20] exhibits an (IFPT + IFI) peak at
approximately 70 ◦C, its damping capacity is extremely low. The group III Ni2MnGa SMAs [18]
exhibited good inherent internal friction, where tan δ > 0.02, over a wide temperature range from −100
to 100 ◦C. However, the undesirable brittle nature of the Ni2MnGa SMAs limited their workability
and their use in high-damping applications. In this study, the Cu-8.0Zn-11Al SMA was shown to
exhibit a high (IFPT + IFI)β3(L21)→γ′

3(2H) peak with a tan δ value above 0.053 at 32.2 ◦C. Except for the
much higher (IFPT + IFI) peaks above room temperature, as compared to other SMAs, the Cu-Zn-Al
SMAs also have better workability, lower cost, and acceptable mechanical properties, and desirable
Ms temperatures can be obtained by adjusting the chemical composition of the alloys. Consequently,
Cu-Zn-Al SMAs are promising high-damping materials under isothermal conditions.
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Figure 6. DMA tan δ curves measured at 10 Hz and 1 ◦C·min−1 cooling rate for Cu-xZn-11Al SMAs
with various Zn contents.

4. Conclusions

Cu-xZn-11Al (x = 7.0, 7.5, 8.0, 8.5, and 9.0 wt. %) SMAs can exhibit a wide martensitic
transformation temperature range from 104.0 to −21.2 ◦C by adjusting their chemical compositions.
Cu-xZn-11Al SMAs with a higher ΔH value exhibit a higher IF peak because of the larger amount
of martensite being transformed during martensitic transformation. The (IFPT + IFI)β3(L21)→γ′

3(2H)

peaks for Cu-7.5Zn-11Al, Cu-8.0Zn-11Al, and Cu-8.5Zn-11Al SMAs are much higher than the
(IFPT + IFI)β3(L21)→β′3(18R) peak for the Cu-7.0Zn-11Al SMA because the transformed γ′

3 martensite
phase possesses a 2H type structure with abundant movable twin boundaries, while the transformed
β′

3 phase possesses an 18R structure with stacking faults. The Cu-9.0Zn-11Al SMA also possesses an
(IFPT + IFI)β3(L21)→γ′

3(2H) peak during martensitic transformation; however, the abundant γ phase
precipitates inhibit the movement of parent phase/martensite interfaces during damping, resulting in
a lower tan δ value. The Cu-xZn-11Al SMAs are promising for practical high-damping applications
under isothermal conditions because they possess good workability, low cost, acceptable mechanical
properties, and the high damping capacities of the (IFPT + IFI) peaks around and above room
temperature. Among them, Cu-8.0Zn-11Al SMA has a high (IFPT + IFI) peak with tan δ > 0.05
appearing at ≈25 ◦C.
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Abstract: Temperature dependences of the electrical resistivity have been measured on the Heusler
alloy system Ni2MnGa1–xFex. The phase diagram of Ni2MnGa1–xFex was constructed on the basis of
the experimental results. The structural and magnetic transition temperatures are consistent with
those previously determined by magnetic measurements. The changes of the electrical resistivity at
the martensitic transition temperature, Δρ, were studied as a function of Fe concentration x. The Δρ

abruptly increased in the concentration range between x = 0.15 and 0.20. The magnetostructural
transitions were observed at x = 0.275, 0.30, and 0.35.

Keywords: ferromagnetic shape memory alloy; martensitic transition; electrical resistivity; Heusler
alloy; Fe-doped Ni2MnGa

1. Introduction

Recently, Ni-Mn based ferromagnetic shape memory alloys (FSMAs) with full Heusler-type
structure have attracted much attention because of their potential applications in smart materials.
These Heusler alloys exhibit a giant field-induced shape memory effect, large magnetoresistance,
and large magnetocaloric effect [1–6]. Among FSMAs with a Heusler-type (L21-type) structure,
the stoichiometric compound Ni2MnGa has been the most studied. Ni2MnGa orders ferromagnetically
with the Curie temperature TC = 365 K [7]. On cooling, the premartensitic phase appears below
Tp = 260 K. With further decrease of temperature, Ni2MnGa undergoes a first-order martensitic
transition at TM = 200 K [7]. Recently, Singh et al. performed a high-resolution synchrotron X-ray
powder diffraction study for Ni2MnGa and discussed the incommensurate nature of the modulate
structures of the premartensitic (intermediate) and martensitic phases [8,9]. The ferromagnetic state
remains below TM. The spontaneous magnetization of Ni2MnGa just below TM is larger than that just
above TM.

The TC, Tp, and TM of Ni2MnGa can be tuned in a wide range by doping with a fourth element. For
Ni2Mn1–xCuxGa (0 ≤ x ≤ 0.4) [10], TM increases with increasing the concentration x, while TC decreases
with x. With further increase of x, the magnetostructural transitions between the paramagnetic
austenite (Para-A) and the ferromagnetic martensite (Ferro-M) phase occur in limited concentration
range. The characteristics of the phase diagram of Ni2Mn1–xCuxGa (0 ≤ x ≤ 0.4) are closely similar
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to those of Ni2+xMn1–xGa (0 ≤ x ≤ 0.36) [11,12]. The effect of the substitution of Fe and Co atoms
in Ni-Mn-Ga alloy was studied [13,14]. Recently, Hayasaka et al. determined the phase diagram in
the temperature-concentration plane of Ni2MnGa1–xFex (0 ≤ x ≤ 0.40) [15]. The characteristics of the
determined phase diagram of Ni2MnGa1–xFex (0 ≤ x ≤ 0.40) are very similar to those of Ni2+xMn1–xGa
(0 ≤ x ≤ 0.36) [11,12] and Ni2Mn1–xCuxGa (0 ≤ x ≤ 0.4) [10], where the magnetostructural transition
between Para-A and Ferro-M occurs. However the microscopic understanding of the robust phase
diagrams observed in Ni2+xMn1–xGa, Ni2Mn1–xCuxGa, and Ni2MnGa1–xFex is not clear in this stage.
Furthermore, there is only a small amount of information about the electric properties of the Cu and
Fe element doped Ni2MnGa. In this paper, the electric properties are examined experimentally to gain
deeper insight into the electronic properties of Ni2MnGa1–xFex alloys.

2. Experimental Procedures

The experiments were made on the same Ni2MnGa1–xFex (0 ≤ x ≤ 0.40) alloys that were used
in our previous studies [15]. Namely, the polycrystalline Ni2MnGa1–xFex (0 ≤ x ≤ 0.40) alloys were
prepared by the repeated arc melting of the appropriate quantities of constituent elements, 99.99% Ni,
99.99% Mn, 99.99% Fe, and 99.9999% Ga in an argon atmosphere. The samples with x = 0.30 and 0.35
were prepared by the melting of appropriate quantities of the constituent elements with high purity
in an induction furnace (DIAVAC LIMITED, Yachiyo, Japan). The reaction products were sealed in
evacuated silica tubes, heated at 850 ◦C for 3 days and at 600 ◦C for 1 day, and then quenched into water.
The crystal structure was investigated by X-ray diffraction (Rigaku, Tokyo, Japan) measurements at
room temperature using Cu-Kα radiation. The lattice parameters for the samples were the same as the
previous report [15].

The measurements of the electrical resistivity ρ were carried out by a conventional DC (direct
current) four-probe method in the temperature range from 80 K to 450 K. The samples were cut out
using a diamond disk saw (BUEHLER, Lake Bluff, IL, USA) into the size of about 1.0 × 1.0 × 10 mm3.
The thermal process in the measurements started from 80 K, heated up to 450 K, and cooled down
again to 80 K.

3. Results and Discussion

The temperature dependence of the electrical resistivity ρ of the sample with x = 0.05 is given
in Figure 1a. The obvious slope change near 377 K is indicative of the ferromagnetic ordering.
Below the Curie temperature TC, the ρ shows a steep decrease with decreasing temperature. This can
be attributed to the disappearance of electron scattering on magnetic fluctuations. The behavior of
ρ around TC is a common feature for the Heusler alloys with ferromagnetic ordering. Assuming
that the break point on the ρ vs. T curves corresponds to the Curie temperature of the sample
with x = 0.05, the value of TC = 377 K is very close to that determined from the initial permeability
μ vs. T curve [15]. A prominent jump-like feature of ρ appears at around 250 K, indicating the
occurrence of the martensitic transition. The martensitic transition temperature TM was defined by the
equation: TM = (TMs + TAf)/2, where TMs and TAf are the martensitic transition starting temperature
and the reverse martensitic transition finishing temperature, respectively. The values of TMs and TAf
were defined as the cross points of the linear extrapolation lines of the ρ vs. T curves from both higher
and lower temperature ranges. As shown in Figure 1a, a temperature hysteresis is formed around
TM between 240 K and 260 K, confirming that the martensitic transition is first-order. On the other
hand, such a temperature hysteresis behavior is absent for the ferromagnetic transition around 377 K.
With further decrease of temperature from TM, ρ of the sample with x = 0.05 represents a typical
metallic behavior. The inset in Figure 1a shows the temperature dependence of dρ/dT. A noticeable
slope change in ρ(T) around 260 K marks the onset of the premartensitic transition. The premartensitic
transition temperature Tp is estimated to be 264 K, as shown in the inset in Figure 1a. The values of
TM and Tp are in good agreement with those determined from the magnetic measurements earlier [15].
For the sample with x = 0.025, anomalies on dρ/dT vs. T curves are observed around Tp (see the inset
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in Figure 1b. However, as shown in the insets of Figure 1c–f, no anomalies on dρ/dT vs. T curves
are observed in the temperature range between TC and TM, indicating that the premartensitic phase
disappears in the concentration range of x ≥ 0.10. As seen in Figure 1a–f, the martensitic transition
temperature increases with increase of Fe concentration x. On the other hand, TC increases slightly with x.

(a) (b)

(c) (d)

(e) (f)

Figure 1. Cont.
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(g) (h)

(i) (j)

Figure 1. Temperature dependences of the electrical resistivity ρ for Ni2MnGa1–xFex (x = 0.025–0.40).
The inset shows the temperature dependence of dρ/dT. (a) Ni2MnGa0.95Fe0.05 (x = 0.05);
(b) Ni2MnGa0.975Fe0.025 (x = 0.025); (c) Ni2MnGa0.90Fe0.10 (x = 0.10); (d) Ni2MnGa0.85Fe0.15 (x = 0.15);
(e) Ni2MnGa0.80Fe0.20 (x = 0.20); (f) Ni2MnGa0.775Fe0.225 (x = 0.225); (g) Ni2MnGa0.725Fe0.275 (x = 0.275);
(h) Ni2MnGa0.70Fe0.30 (x = 0.30); (i) Ni2MnGa0.65Fe0.35 (x = 0.35); (j) Ni2MnGa0.60Fe0.40 (x = 0.40).

Figure 1g–j show the temperature dependence of ρ for the samples with x = 0.275, 0.30, 0.35, and
0.40. According to the phase diagram of Ni2MnGa1–xFex (0 ≤ x ≤ 0.40) reported by Hayasaka et al. [15],
the samples with 0.27 ≤ x ≤ 0.37 underwent the magnetostructural transition from the Ferro-M state
to the Para-A state. For the sample with x = 0.40, the Ferro-M to the paramagnetic martensite
(Para-M) transition appeared. As shown in Figure 1h, the ρ increases abruptly around 402 K with
deceasing temperature, indicating that the magnetic transition between the ferromagnetic phase
and the paramagnetic phase was first-order. We did not observe any anomaly below TC on the ρ

vs. T curves, so TM is considered to coincide with TC. The TC (=TM) was estimated to be 402 K
for the sample with x = 0.30, where TC was defined to be TC = TM = (TMs + TAf)/2. Similar ρ vs.
T curves are observed for the samples with x = 0.275 and 0.35 (see Figure 1g,i). As seen in Figure 1a–j,
the jump of ρ at TM, Δρ, of the samples with x ≥ 0.20 are considerably larger than that of samples with
0.025 ≤ x ≤ 0.15.

Figure 2 shows the concentration dependence of Δρ for Ni2MnGa1–xFex. As seen in Figure 2,
Δρ shows a tendency to increase with increasing x, but abruptly increases in the concentration range
between x = 0.15 and 0.20.
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Figure 2. The concentration dependence of Δρ for Ni2MnGa1–xFex (x = 0.025–0.40). The black dots are
Δρ obtained from the experimental data as shown in Figure 1, with dashed lines being guides to the
eye. The vertical dotted lines distinguish the electric properties of Ni2MnGa1–xFex to two regions.

Figure 3 shows the phase transition temperatures TM, Tp and TC determined from the ρ vs.
T curves in this study. The closed triangle in the figure represents the phase transition temperature
determined from the magnetic measurement [15]. As shown in Figure 3, the phase transition
temperatures determined in this study are in good agreement with those reported earlier [15].
The phase diagram of Figure 3 is very similar to those of Ni2+xMn1–xGa (0 ≤ x ≤ 0.36) [11,12] and
Ni2Mn1–xCuxGa (0 ≤ x ≤ 0.4) [10] and Ni2MnGa1–xCux (0 ≤ x ≤ 0.25) [16], as mentioned above.
In order to understand the phase diagram of Ni2Mn1–xCuxGa (0 ≤ x ≤ 0.4), the phenomenological
Landau-type free energy as a function of the martensitic distortion and magnetization was constructed
and analyzed [10]. Satisfactory agreements between the experiments and theory were obtained, except
for the appearance of the premartensitic phase. The analysis showed that the biquadratic coupling
term of the martensitic distortion and magnetization plays an important role in the interplay between
the martensitic phase and ferromagnetic phase.

Figure 3. Phase diagram for Ni2MnGa1–xFex (0 ≤ x ≤ 0.40). Para-A and Para-M represent
the paramagnetic austenite phase and the paramagnetic martensite phase, respectively. Ferro-A
and Ferro-M represent the ferromagnetic austenite phase and the ferromagnetic martensite phase,
respectively. Ferro-I means the ferromagnetic premartensite (intermediate) phase.
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The total electrical resistivity is given for usual ferromagnetic materials as follows,

ρ(T) = ρ0 + aT + bT2, (1)

where ρ0 is the residual part, the second term and the third term are the electrical resistivity parts due
to electron–phonon scattering and magnetic origin, respectively, with a and b being fitting parameteters.
Of course, Equation (1) is a phenomenological fit to the experimental data, and we do not claim that
magnetic scattering is purely quadratic in temperature.

Many authors fitted Equation (1) to their experimental data for many Heusler alloys. [17–23].
Table 1 gives the ρ0, a, and b values, the validity range of fit, and TC values of Ni2MnGa1–xFex.
The concentration dependence of ρ0 determined by fitting the ρ vs. T data (T < TM) to Equation (1)
is shown in Figure 4. As seen in Figure 4, the ρ0 value roughly increases with the concentration x,
but abruptly changes in the concentration range between x = 0.15 and 0.20, as well as the behavior of
Δρ. It can be explained as the impurity effect that the ρ0 increases with increasing x. The values of b for
the samples with x ≤ 0.30 are two orders of magnitude smaller than those of typical weak itinerant
electron ferromagnets Ni3Al, ZrZn2 and Sc3In [24–27]. A general theory of electrical resistivity in an
itinerant electron system has been proposed by Ueda and Moriya on the basis of spin fluctuations [28].
Their work predicts a strong T2 dependence of electrical resistivity due to spin fluctuations.

Table 1. The ρ0 (μΩ cm), a (μΩ cm K−1), b (μΩ cm K−2) values according to the fit ρ(T) = ρ0 + aT + bT2

in the temperature range below TM (i.e., in the Ferro-M (ferromagnetic martensite) phase). The range
of validity of the fit, TM and TC are given in Table 1.

Alloys ρ0 a × 10−2 b × 10−4 Range (K) TM (K) TC (K)

Ni2MnGa0.975Fe0.025 (x = 0.025) 22.2 4.73 6.37 100~220 235 383
Ni2MnGa0.95Fe0.05 (x = 0.05) 18.2 3.34 3.54 100~230 257 377
Ni2MnGa0.90Fe0.10 (x = 0.10) 31.1 8.61 1.84 100~260 282 390
Ni2MnGa0.85Fe0.15 (x = 0.15) 60.8 9.18 1.41 100~270 314 393
Ni2MnGa0.80Fe0.20 (x = 0.20) 101.6 6.47 1.67 100~270 347 392

Ni2MnGa0.775Fe0.225 (x = 0.225) 80.8 5.25 0.84 100~320 356 390
Ni2MnGa0.725Fe0.275 (x = 0.275) 75.0 4.91 0.86 100~350 395 395

Ni2MnGa0.70Fe0.30 (x = 0.30) 139 4.42 1.04 100~370 402 402
Ni2MnGa0.65Fe0.35 (x = 0.35) 118 5.06 0.43 100~390 431 431
Ni2MnGa0.60Fe0.40 (x = 0.40) 110 5.27 0.26 100~390 442 414 1

1 Quoted from Ref. [15].

Figure 4. The concentration dependence of the residual electrical resistivity ρ0 for Ni2MnGa1–xFex.
The black dots are ρ0 obtained from the analyzed data as shown in Table 1, with dashed lines being
guides to the eye. The vertical dotted lines distinguish the electric properties of Ni2MnGa1–xFex to
two regions.
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In this study, as shown in Figures 2 and 4, we found the borderline which distinguishes the
electric properties of Ni2MnGa1–xFex (0 ≤ x ≤ 0.40) alloys. The Fe concentration variation on the
temperature dependence of resistivity for Ni2MnGa1–xFex (0 ≤ x ≤ 0.40) alloys may be caused by the
change of the charge carrier concentration between the martensite and austenite phases or the change
of the mechanism of the martensitic transition. Now, it is not clear for the origin of appearance of the
borderline. This may be related to the electron scattering at the twin and domain boundaries which
appear in the martensitic phase. An investigation of microstructure observation will also be necessary.

4. Conclusions

Temperature dependences of the electrical resistivity have been measured on the Heusler alloy
system Ni2MnGa1–xFex. The phase diagram of Ni2MnGa1–xFex was constructed on the basis of the
experimental results. The magnetostructural transitions were observed at the Fe concentrations
x = 0.275, 0.30, and 0.35 in Ni2MnGa1–xFex alloys as well as a previous report [15]. The changes of
the electrical resistivity at the martensitic transition temperature were studied as the function of Fe
concentration x.
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Abstract: Specific heat measurements were performed at low temperatures for Ni50Mn50−xInx alloys
to determine their Debye temperatures (θD) and electronic specific heat coefficients (γ). For x ≤ 15,
where the ground state is the martensite (M) phase, θD decreases linearly and γ increases slightly
with increasing In content. For x ≥ 16.2, where the ground state is the ferromagnetic parent (P) phase,
γ increases with decreasing In content. Extrapolations of the composition dependences of θD and γ

in both the phases suggest that these values change discontinuously during the martensitic phase
transformation. The value of θD in the M phase is larger than that in the P phase. The behavior is in
accordance with the fact that the volume of the M phase is more compressive than that of the P phase.
On the other hand, γ is slightly larger in the P phase, in good agreement with the reported density of
states around the Fermi energy obtained by the first-principle calculations.

Keywords: electronic specific heat coefficient; density of states; shape memory alloy; martensitic
phase transformation

1. Introduction

Since a unique martensitic phase transformation in off-stoichiometric Heusler NiMnZ (Z = In, Sn,
and Sb) alloys were first reported by Sutou et al. [1], NiMnIn- and NiMnSn-based alloys have attracted
widespread interest as high-performance multiferroic materials. The alloys show many interesting
properties, such as metamagnetic shape memory effect [2,3] inverse magnetocaloric effect [4–6],
giant magnetoresistance effect [7,8], and giant magnetothermal conductivity [9]. These interesting
physical properties are related to drastic changes in magnetic properties between the ferromagnetic
parent (P) phase and the martensite (M) phase with weak magnetism. Such large changes of the
various physical properties should be due to the change in the electronic state during the martensitic
phase transformation. First-principles density-functional calculations and hard X-ray photoelectron
spectroscopy (HAXPES) experiments were performed to investigate the electronic states in the P and
M phases of Ni-Mn-In alloys [10]. In these calculations, composition dependence of the partial density
of states (DOS) in the P phase for Ni-Mn-In was investigated using the periodic supercells, in addition
to that in the M phase, where tetragonal distortion was introduced. The valence-band photoelectron
spectra of the Ni50Mn34In16 alloy in warming and cooling processes showed that the peak near the
Fermi energy (EF) in the P phase disappeared in the M phase temperature range, suggesting the
formation of the pseudo-gap. The minority-spin Ni 3d–eg state has also been concluded to play an
important role in stabilizing the M phase in off-stoichiometric composition [10].
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Herein, we performed specific heat measurements in Ni-Mn-In alloy system to investigate the
electronic specific heat coefficient (γ), which will provide information on the DOS around EF, and the
Debye temperature (θD). The obtained results may provide indirect information on the electronic state,
in contrast to the photoelectron spectroscopy observations that provide direct information. However,
it has been reported that the value of γ for L10-type NiMn alloy and related materials (i.e., PdMn and
PtMn) where the existence of the pseudo-gap around EF characterizes their unique electronic states
agrees well with the value obtained by theoretical calculations [11–13]. Systematic study of the specific
heat measurements in a wide composition region for Ni-Mn-In will help understand the behavior of
the metamagnetic shape memory alloys in this system.

2. Experimental Procedure

Ni50Mn50−xInx (0 ≤ x ≤ 25) alloys were fabricated by induction melting in an Ar atmosphere.
The specimens were sealed in a quartz capsule and were annealed at 1173 K for 1 day before
quenching in water. The microstructure and composition were confirmed by the electron probe
microanalyzer. The crystal structure was investigated by powder X-ray diffraction and transmission
electron microscope observations. The related results were reported in the previous paper [14].
The magnetic measurements were carried out on a superconducting quantum interference device
(SQUID; Quantum Design Ltd., San Diego, CA, USA) magnetometer. Specific heat measurements
were carried out by the relaxation method using a physical properties measurement system (PPMS
produced by Quantum Design Ltd., San Diego, CA, USA) at temperatures below 20 K. The absolute
value of the specific heat was checked by measuring one of the standard pure Cr.

3. Results and Discussion

3.1. Magnetic Measurements

Figure 1a,b show magnetization (M–H) curves obtained at 5 K and thermomagnetization (M–T)
curves obtained under a magnetic field of 10 kOe for Ni50Mn50−xInx alloy specimens having x ≤ 15,
respectively. Here, the ground state of the specimens is the martensite (M) phase. The specimen
with x = 0 (NiMn) has been reported to be collinear-type antiferromagnetic with the Néel temperature
higher than the martensitic transformation temperature [15]. Therefore, the magnetic state is deduced
to be antiferromagnetic for low In concentrations, and the antiferromagnetic exchange interaction
in the system decreases with increasing In content [16,17]. The NiMn has an L10-type tetragonal
structure with lattice parameters of a = 0.374 and c = 0.352 nm, and it transforms to B2-type cubic one
at the martensitic transformation temperature [15]. With increasing the In concentration, the crystal
structure of M phase varies to 14 M and 10 M stacking monoclinic structures [14,18,19]. The straight
line in the M–H curves (Figure 1a) is characteristic of the antiferromagnetic properties. The slope
increases with increasing In content, and the M–H curve indicates small hysteresis at x = 13. In the
M–H curve for x = 15 (inset of Figure 1a), large hysteresis is observed, and magnetization tends
to saturation. This variation arises in the magnetization curves because ferromagnetic exchange
interaction is introduced with increasing In content. AC magnetization measurements have suggested
that the ground state for x = 15 is the blocking state, showing frequency dependence in both the
real and imaginary parts of the susceptibility [20]. The variation of magnetic property from the
antiferromagnetic state to the blocking state is also confirmed by the M–T curves for Ni50Mn50−xInx

alloys with x ≤ 15. In the measurements for obtaining the M–T curves, the specimens were cooled to
low temperatures in zero magnetic field, and the magnetization was measured in warming process and
cooling process under the same applied magnetic field. Magnetization at lower temperatures gradually
increases with increasing In content, and magnetic field cooling effect is observed for x = 10, 13, and 15.
The large magnetization change observed at ~300 K in the M–T curve for x = 15 (inset of Figure 1b) is
due to the martensitic phase transformation, and the magnetic property at temperatures just below the
transition temperature has been concluded to be paramagnetic based on Mössbauer spectroscopy [21].
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These results along with previous reports on AC magnetization measurements [20], suggest that
antiferromagnetic long-range ordering might have disappeared somewhere in the composition region.

M–H curves obtained at 5 K and M–T curves obtained under a magnetic field of 500 Oe for
specimens with x ≥ 16.2 in Ni50Mn50−xInx alloys are shown in Figure 2a,b, respectively. Here,
the ground state of the system is the ferromagnetic parent (P) phase. That is, no martensitic
transformation occurs down to low temperatures in these composition regions. The crystal structure is
basically the L21-type structure. The lattice parameter has been reported to a = 0.6071 nm for the x = 25
at room temperature and to decrease linearly with increasing the Mn composition [22]. The Figure 2b
shows only warming process in M–T curves because there is almost no magnetic field cooling effect,
in contrast to that for x ≤ 15 in Figure 1b. The saturated magnetization increases with decreasing
In content from the stoichiometric composition of Ni50Mn25In25 (=Ni2MnIn). On the other hand,
concentration dependence of the Curie temperature (TC) does not show the systematic variation as is
shown by saturation magnetization. Figure 2b shows that the value of TC is ~320 K, independent of
In content.

Figure 1. (a) Magnetization curves at 5 K and (b) thermomagnetization curves measured at 10 kOe
for the specimens with x ≤ 15 in Ni50Mn50−xInx alloys. The arrows in the figures mean applying and
removing magnetic fields in (a), and the warming and cooling processes in (b). Here, the ground state
of the specimens is the martensite phase. The insets are those for x = 15.

Figure 2. (a) Magnetization curves at 5 K and (b) thermomagnetization curves measured at 500 Oe
in the warming process for the specimens with x ≥ 16.2 in Ni50Mn50−xInx alloys. Here, the ground
state of the system is the ferromagnetic parent phase and no martensitic transformation occurs down
to low temperatures.
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Figure 3 indicates concentration dependences of saturation magnetization (Is) and TC for
Ni50Mn50−xInx alloys with x ≥ 16.2, together with reported experimental values [22] and the
theoretically calculated one for the stoichiometric composition [23]. Here, Is is determined by linear
extrapolation of the M2 versus H/M curve to H/M = 0 (Arrott plot), from the data in Figure 2a.
Is increases almost linearly with decreasing In content, or in other words, with increasing Mn content.
For the stoichiometric composition of Ni50Mn25In25 (=Ni2MnIn), the Ni atoms locate at the 8c site,
and the Mn and In atoms at the 4a and 4b sites in the Wyckoff position, respectively. In the present
series of the specimens, excess Mn substituted for In at the 4b site. Therefore, the increasing of Is with
increasing the Mn means that the magnetic moment of Mn atoms at the 4b site couples ferromagnetically
with that of the Mn atoms at the ordinary site (4a site). A solid straight line is drawn, assuming that
the magnitude of the magnetic moment of Mn at the 4b site is the same as that of Mn at the 4a site,
and the experimental values are in good agreement with the expected line [24]. Here, the values of the
magnetic moments (m) are used as mMn = 3.719, mNi = 0.277 and mIn = −0.066 μB, which are obtained
from the first principle calculation [23]. The TC values for all the specimens with x ≥ 16.2 are similar
(the variation is <15 K) and they are independent to the composition. This behavior suggests that the
TC is governed by the exchange interaction between Mn atoms at the 4a site, and the interaction by the
Mn atoms at the 4b site does not affect the total exchange interaction in the system. This behavior of
TC was studied earlier over a wide concentration region by Miyamoto et al. [25], who reported that TC

decreases drastically with increases In concentration in Ni50Mn50−yIny alloys with y > 25. Here, excess
In substituted the Mn atoms at the 4a site, therefore, the decrease in TC is probably caused by the lack
of Mn–Mn exchange interactions at the 4a site, if the magnetic moment of Mn atoms are assumed not
to change.

Figure 3. Concentration dependences of the spontaneous magnetization (Is) evaluated from the
magnetization curves in Figure 2a, along with reported experimental and theoretically calculated
values [22,23], and of the Curie temperature (TC) for Ni50Mn50−xInx alloys with x ≥ 16.2. The solid
straight line for Is is simulated assuming that the excess Mn atoms have same magnetic moment as that
of Mn at the ordinary sites and couples ferromagnetically [24]. The solid line for TC is guide to the eye.

3.2. Specific Heat Measurements

Figure 4a,b show the relationship between specific heat (C) and temperature (T) in C/T–T2 plots
for x ≤ 15 and x ≥ 16.2, respectively, the insets show C–T plots for each specimen. The specific heat
is generally expressed as the summation of some contributions like electronic, lattice, and magnetic
contributions. When the experiments are performed at low temperatures, the magnetic excitation has
little contribution to the specific heat and the other two components become dominant as follows [26]:

C = γT + βT3, (1)
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where, the first and second terms are the electronic and lattice contributions, respectively, in which γ is
the electronic specific heat coefficient and β is the lattice coefficient. In the classical model, γ is thought
to correspond to the total DOS. In the C/T–T2 plot, when a linear relationship is obtained, γ and β are
given by the intercept and the slope, respectively. Furthermore, θD is given by the relation

θD = 3
√

12π4R/5β, (2)

where R is the gas constant [26]. As shown in Figure 4a,b, a linear relationship is obtained, and the
behaviors of these coefficients in terms of composition are different in each figure (i.e., in the M phase
and in the P phase). In Figure 4a, for specimens with x ≤ 15, in which the ground state is the M phase,
γ increases with increasing In content. The slope also increases, corresponding to the decrease of
θD. On the other hand, in Figure 4b for specimens with x ≥ 16.2, in which the ground state is the
ferromagnetic P phase, γ changes slightly and slope is increased with increasing In content.

Figure 4. (a) C/T–T2 plot for the specific heat (C) as a function of temperature (T) for (a) x ≤ 15 and
(b) x ≥ 16.2 in Ni50Mn50−xInx alloys. Insets are C–T plots for each specimen.

Concentration dependences of γ and θD in Ni50Mn50−xInx alloys are shown in Figure 5, together
with the reported values of γ = 0.31 mJ/mol·K2 and θD = 422 K for x = 0 [11]. The θD value
decreases linearly with increasing In content in the M phase region. It has been reported that the
crystal structure changes continuously from L10-type tetragonal structure for x = 0 to monoclinic
multi-layered stacking structure with increasing In content [18]. Magnetic property is collinear-type
antiferromagnetic with high Néel temperature for x = 0 [15]. This property changes to complicated
magnetic properties, in which long-range magnetic ordering is absent and blocking behavior is
observed [18,21]. Since neither crystal structure nor magnetic properties change sharply with changing
In content, the decrease in θD may be caused by the substitution effect of the heavy element In.
In the M phase range, γ increases gradually with increasing In content. The electronic state of
x = 0 is characterized by the formation of a clear pseud-gap around EF and it has been reported
that the total DOS is significantly low and the unique electronic state may correlate with the high
antiferromagnetic stability [11]. Gradual increase of γ in M phase region would be due to the loss in
antiferromagnetic stability.

In the P phase region, both γ and θD increase with decreasing In content. Although the variation
of θD is similar to that observed in the M phase, the values do not coincide in the middle composition
region. From the extrapolations in both the phases (the dotted lines for θD), it seems that θD changes
discontinuously around x = 15, the difference corresponds to the change in θD during the martensitic
phase transformation. Overall, θD in the M phase is larger than that in the P phase, in accordance
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with the experimental fact that the volume of the M phase is more compressive than that of the
P phase [27]. The variation of γ agrees well with the value obtained by first-principle density-functional
calculations [10]. DOS in the P phase for the stoichiometric and off-stoichiometric compositions have
been calculated, and γ values converted from total DOS are also plotted in Figure 5. DOS in the
M phase was also calculated by applying the lattice distortion. The gradual increase of γ in the P phase
is in accordance with that obtained by calculations. The theoretical calculations have shown that the
minor peak corresponding to the Ni-3d eg state appears at the energy level of −0.1 eV from EF in the
minority band for the off-stoichiometric composition, and the minority peak shifts closer to the EF

with increasing In content. Therefore, the shift in the minor peak will increase the total DOS because
the DOS in the majority band is independent of the In content. Furthermore, the experimental value of
γ at x = 13 is almost the same as the calculated one. Based on the extrapolations of the concentration
dependence of γ in both the phases, a change in DOS is expected in the transformation. In other
words, DOS is reduced when the P phase transforms to the M phase. This behavior has also been
explained by the theoretical calculations that the minority-spin Ni-3d x2–y2 splits on introducing the
lattice distortion and a pseudo-gap is formed at EF [10]. The other calculation also suggested that
the splitting of the Ni-3d eg states around EF plays an important role in occurrence of the martensitic
transformation in the off-stoichiometric Ni-Mn-In alloy [28].

Figure 5. Concentration dependences of the electronic specific heat coefficient (γ) and the Debye
temperature (θD) for Ni50Mn50−xInx alloys, along with the reported theoretically calculated values [10]
and reported ones for x = 0 [11]. The blue and light blue circles are θD in M phase and P phase,
respectively, and the red and pink circles are γ in M phase and P phase, respectively. The four lines are
guide to the eye.

4. Conclusions

Specific heat measurements were performed at low-temperatures in Ni50Mn50−xInx alloys for
0 ≤ x ≤ 25 to investigate the concentration dependences of electronic specific heat coefficient (γ) and
the Debye temperature (θD) over a wide concentration region. In the martensite (M) phase (x ≤ 15),
θD decreases linearly and γ increases with increasing In content. The change in θD attributed to the
substitution effect by the heavy element In. The increase in γ is attributed to the change in the density
of states (DOS), and the clear pseudo-gap formed around the Fermi energy (EF) may widen with
the disappearance of the strong antiferromagnetism in L10-type NiMn equiatomic alloy, whereas the
pseudo-gap is somewhat maintained within the M phase.

In the ferromagnetic parent (P) phase (x ≥ 16.2), γ increases with decreasing In content.
The change in DOS, in accordance with the first-principle density-functional calculation results
reported earlier, is that the minor peak in the minority band shifts closer to EF with decreasing
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In content. From the extrapolations of the composition dependences of γ and θD from both the phase
regions, these values should change discontinuously during the martensitic phase transformation.
The value of θD in the M phase is larger than that in the P phase, in accordance with the fact that
the volume of the M phase is more compressive than that of the P phase. It is suggested that the
DOS in P phase decreases during martensitic phase transformation. This behavior is explained by the
theoretical calculations that the Ni-3d eg band splits in the M phase and the pseudo-gap is formed
around the EF.
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Abstract: The linear and non-linear internal friction, effective Young’s modulus, and
amplitude-dependent modulus defect of a Ti50Ni46.1Fe3.9 alloy have been studied after different heat
treatments, affecting hydrogen content, at temperatures of 13–300 K, and frequencies near 90 kHz.
It has been shown that the contamination of the alloy by hydrogen gives rise to an internal friction
maximum in the R martensitic phase and a complicated pinning stage in the temperature dependence
of the effective Young’s modulus at temperatures corresponding to the high-temperature side of the
maximum. Dehydrogenation of the H-contaminated alloy transforms the internal friction maximum
into a plateau and minimizes the pinning stage. The internal friction maximum is associated with a
competition of two different temperature-dependent processes affecting the hydrogen concentration
in the core regions of twin boundaries. The amplitude-dependent anelasticity of the R phase is also
very sensitive to hydrogen content, its temperature dependence reflects the evolution of extended
hydrogen atmospheres near twin boundaries.

Keywords: shape memory alloy; acoustic properties; internal friction; lattice defects; hydrogen

1. Introduction

Ti-Ni-based shape memory alloys are quite attractive functional materials [1]. Anelastic properties
of Ti-Ni-based alloys are widely explored, both for microstructural characterization of the alloys and
for their application as high-damping materials [2]. The effect of hydrogen on elastic and anelastic
properties of Ti-Ni-based alloys have attracted considerable attention (see [3] for a review), especially
after Fan et al. [4,5] have shown that hydrogen is unintentionally introduced during conventional heat
treatment (water quenching after high-temperature annealing in argon-filled [4] or vacuum-sealed [5]
quartz tubes) by the chemical reaction of residual water in quartz tubes with Ti at high temperatures.
Fan et al. [4,5] have also shown that the relaxation internal friction (IF) peak observed by many
researchers at low frequencies (about 200 K at 1 Hz) is due to an interaction of twin boundaries with
hydrogen. Recently, we have studied the effect of hydrogen contamination during heat treatments on
the low-temperature elastic and anelastic properties of a Ni50.8Ti49.2 alloy at ultrasonic frequencies,
for which the ‘200 K’ relaxation IF peak cannot be observed [6]. It has been shown that the hydrogen
contamination gives rise to a non-relaxation internal IF maximum, whose temperature and height
depend strongly on the hydrogen content. The IF maximum was interpreted as a pseudo-peak
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formed due to a competition of two different temperature-dependent processes affecting the hydrogen
concentration in the core regions of twin boundaries [6].

It seems important to check whether the new hydrogen-related anelastic effect, reported in [6],
is inherent only in the B19’ martensitic phase, or it is common phenomenon for different martensitic
phases of Ti-Ni-based alloys. The goal of the present work is to study the effect of hydrogen
contamination on the elastic and anelastic properties of a Ti-Ni-based alloy with the R martensitic phase.
The alloy composition was chosen in such a way that the B2↔R transformation type occurred, and the
R martensitic phase could be tested over a wide temperature range. Such a situation takes place for
TiNi50−xFex alloys with 3 < x < 5 [7]. Although there are data in the literature on the elastic and anelastic
properties of Ti-Ni50−xFex alloys [7–15], most of the data refer either to low x values, providing a
narrow temperature range of the R phase, or to high ones, suppressing the martensitic transformation.
Data for intermediate compositions are scarce and requires replenishment. The present paper is
devoted to investigations of low-temperature elastic and anelastic properties of a Ti50Ni46.1Fe3.9 alloy
after two distinct heat treatments: conventional heat treatment contaminating the alloy by hydrogen
and dehydrogenation treatment.

2. Materials and Methods

The Ti50Ni46.1Fe3.9 alloy was prepared by induction melting of 99.99 wt. % pure components.
Rod-shaped samples for acoustic and resistivity measurements were spark cut and mechanically
polished. Two different heat treatments were used: (1) water quenching (WQ), (2) vacuum annealing
(VA). The WQ treatment included annealing for 2 h at 1273 K in a vacuum-sealed quartz tube followed
by quenching into water with breaking the tube. The VA treatment consisted in annealing for 26 h at
950 K under a residual gas pressure P ≈ 10−3 Pa. The annealing temperature was chosen to be higher
than the temperature ranges of hydrogen desorption from Ni-Ti alloys reported in the literature [16–18].
Two samples were used for acoustic measurements: one after only the WQ treatment and another one
subjected to a combination of the WQ and VA treatments.

The IF and effective Young’s modulus, E, of the samples were measured at temperatures of
13–300 K by means of the resonant piezoelectric composite oscillator technique [19] using longitudinal
oscillations at frequencies near 90 kHz. The logarithmic decrement δ, defined as δ = ΔW/2W, where
ΔW is the energy dissipated per cycle and W is the maximum stored vibrational energy, was used as
a measure of the IF. A computer-controlled setup [20] enabled us to measure quasi-simultaneously
temperature dependences of the IF and Young’s modulus at two values of oscillatory strain amplitude.
At a low value of strain amplitude (10−6), we monitored the linear (strain amplitude-independent)
behaviour of the IF and Young’s modulus. The non-linear (strain amplitude-dependent) effects were
observed at a high value of strain amplitude (5 × 10−5). The amplitude-dependent parts of the IF
and Young’s modulus defect, δh and (ΔE/E)h, were routinely derived from the differences of the
IF and Young’s modulus values registered at high and low strain amplitudes: δh = δ (εm) − δi and
(ΔE/E)h = (Ei – E (εm))/Ei, where εm is the oscillatory strain amplitude, δ (εm), δi and E (εm), Ei, are
the values of the IF and Young’s modulus in the amplitude-dependent and amplitude-independent
ranges, respectively. The samples were cooled/heated in a helium atmosphere in an Oxford close-loop
cryostat (Oxford Instruments, Abingdon, UK) at a temperature change rate of about 2 K/min.

The type of the martensitic transformation was verified by electrical resistance data. The four-wire
alternating current impedance measurements were performed at frequency of 686 Hz and temperature
change rate of 2 K/min. The real part of the impedance R was measured using a lock-in amplifier
(Stanford Research Systems, Inc., Sunnyvale, CA, USA).

Hydrogen content in variously treated samples was quantified by means of the vacuum hot
extraction method. An industrial hydrogen analyser AV-1 (Electronic and Beam Technologies Ltd.,
St. Petersburg, Russia) was used with mass-spectrometric registration of the time dependence of
hydrogen flux from samples heated in vacuum [21]. The analyser was calibrated on certified
hydrogen-containing samples of an aluminium alloy with the error of the certified value of hydrogen
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concentration of 6%. Hydrogen was extracted from samples in two successive steps at temperatures of
803 K and 1073 K under a working pressure of 10−4 Pa.

3. Results

Figure 1 shows the normalized resistance data for the WQ sample. It is seen that the resistance
exhibits a sharp change at temperatures near 240 K with narrow temperature hysteresis of about 3 K.
Such behaviour is typical for the B2↔R transformation [1,12,22].

Figure 1. Temperature dependence of resistance for the water-quenched Ti50Ni46.1Fe3.9 sample on
cooling (blue) and heating (pink). Data are normalized to the resistance values at 300 K.

Results of the hydrogen content evaluation in differently treated samples (WQ and VA) by means
of the vacuum hot extraction method are summarized in Table 1. It is seen that hydrogen content
varies considerably with heat treatment. The total extracted hydrogen content in the WQ sample is
about 5.7 times higher as compared to the VA sample. It is important to note that the effect of the heat
treatments is much stronger for the hydrogen fraction extracted at 803 K, because weakly bound states
of hydrogen prevail in the WQ sample with increased hydrogen content.

Table 1. Hydrogen extracted from differently treated samples.

Sample
Hydrogen Content, at. ppm

Extracted at 803 K Extracted at 1073 K Total

WQ 372 79 450

VA 41 38 79

The temperature spectra of the amplitude-independent IF (a) and effective Young’s modulus (b)
measured in a cooling-heating cycle after the WQ and VA heat treatments are depicted in Figure 2.
Two IF maxima are observed after the WQ treatment: (1) a broad maximum at 90 K (on cooling)
or 100 K (on heating); and (2) a sharp asymmetric maximum at temperatures of the martensitic
transformation, accompanied by a minimum of the effective Young’s modulus. The IF of the austenitic
phase diminishes after the VA treatment. On the contrary, both the high-temperature IF maximum
and the IF of the martensitic phase strongly increase, except the IF at the low-temperature side of the
low-temperature IF maximum. As a result of such an effect of the VA treatment, the low-temperature
IF maximum transforms into a plateau or a very smooth maximum at temperatures of 150–160 K.
Temperature hysteresis of the IF is observed between 80 and 170 K after both heat treatments. E (T)
curves measured after the WQ and VA treatments cross at a temperature near 130 K, since E (T)
dependence for the WQ sample is weaker in this temperature range.
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Figure 2. Temperature dependence of the decrement (a) and effective Young’s modulus (b) of the
Ti50Ni46.1Fe3.9 sample measured in a cooling-heating cycle at strain amplitude of 10–6 after water
quenching (WQ) or vacuum annealing (VA).

Figure 3 displays the temperature dependence of the temperature coefficient of the Young’s modulus,
αE = (1/E0) × (dE/dT), calculated for all the curves shown in Figure 2b, with E0 taken as the Young’s
modulus value at T = 300 K. One can see that the difference between E (T) curves for WQ and VA
samples extends from 80 to 200 K, with lower absolute values of the temperature coefficient of the Young’s
modulus for the WQ sample. Two different effects can be distinguished in the heating curves: (1) smooth
variations between 80 and 200 K, which are reproduced in the cooling curves with some temperature
hysteresis; and (2) abrupt changes between 150 and 170 K, which are not observed in the cooling curves.

Figure 3. Temperature dependence of the temperature coefficient of the effective Young’s modulus of
the Ti50Ni46.1Fe3.9 sample after water quenching (WQ) or vacuum annealing (VA), derived from the
curves shown in Figure 2b.
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Figure 4 shows δh (a) and (ΔE/E)h (b) versus T dependences measured in a cooling-heating cycle
for WQ and VA samples. The amplitude-dependent anelasticity (both δh and (ΔE/E)h) in the R phase
is strongly promoted by the VA treatment as compared to the WQ treatment, except temperatures
below 70 K. For T < 70 K the difference between VA and WQ samples is small. Similar to the δi (T)
dependence, the δh and (ΔE/E)h versus T dependences for the WQ sample exhibit a maximum, but at
a much higher temperatures (140–160 K for δh, about 200 K for (ΔE/E)h). These maxima transform into
plateaux or shoulders after the VA treatment. Temperature hysteresis is observed in both characteristics
of the amplitude-dependent anelasticity between 140 K and phase transformation temperatures.

Figure 4. Temperature dependence of the amplitude-dependent components of the decrement (a) and
Young’s modulus defect (b) of the Ti50Ni46.1Fe3.9 sample measured in a cooling-heating cycle after
water quenching (WQ) or vacuum annealing (VA). The dependence is derived from the temperature
spectra of the decrement and effective Young’s modulus measured at strain amplitudes of 10−6 and
5 × 10−5.

4. Discussion

The anelasticity of the martensitic phases of Ni-Ti-based alloys is usually attributed to the motion
of twin boundaries (see, for example, [2,3]). Like other structural defects in solids creating lattice
distortions, twin boundaries trap hydrogen atoms [23]. Linear and planar defects trap hydrogen
both into core regions and into surrounding stress fields, but separation of these effects is not always
possible [24]. Investigations of linear and non-linear components of anelasticity (IF and modulus
defect), related respectively to atomic-scale and mesoscopic displacements of linear and planar defects,
may enable such separation: the linear (amplitude-independent) anelasticity is sensitive to point
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defects situated in the core regions of dislocations/boundaries, whereas non-linear anelasticity is
efficient to monitor the changes of point defect concentration in extended point defect atmospheres.

Our data evidence that elastic and anelastic properties of the R phase are very sensitive to
variations of hydrogen content. After the conventional heat treatment (WQ) contaminating the
alloy with hydrogen, a broad IF maximum is observed at temperatures of 90–100 K (Figure 2a).
The high-temperature side of this maximum corresponds to stages in the E (T) dependence with
decreasing absolute values of the temperature coefficient (Figure 3). Such behaviour of the effective
elastic modulus on heating is conventionally ascribed to a pinning (annealing, recovery) stage (see,
for example, [25–27]). Dehydrogenation treatment suppresses strongly the pinning stage provoking
the increase of δi and transformation of the well-defined low-temperature δi (T) maximum into a
plateau (or very smooth maximum at higher temperatures of 150–160 K). Similar behaviour of δi and E
was reported for the B19’ martensitic phase of the Ni50.8Ti49.2 alloy [6]. The characteristic pattern of
δi and E on the high-temperature side of the low-temperature IF maximum on heating/cooling was
ascribed to a pinning/depinning stage due to increase/decrease of the hydrogen concentration in the
core regions of twin boundaries [6]. The pinning/depinning stage was associated with redistribution
of hydrogen between twin boundaries and other structural defects, such as bulk dislocations and/or
grain boundaries [6]. As in the case of the Ni50.8Ti49.2 alloy [6], only traces of the pinning/depinning
stage, caused by a residual hydrogen content, are observed after dehydrogenation treatment of the
Ti50Ni46.1Fe3.9 alloy (see VA curves in Figures 2–4). Thus, the overall pattern of the δi (T) spectra can be
qualitatively interpreted as a superposition of the more (high hydrogen content) or less (low hydrogen
content) pronounced pinning stage, superimposed on a general IF rise with increasing temperature.
In [6], this general trend was associated with a decrease of hydrogen concentration in the core regions
of twin boundaries caused by entropy contributions to the binding free energy of a hydrogen atom
to a twin boundary. Figure 2a shows that the amplitude-independent IF does not depend on heat
treatment at T < 80 K. This is an indication that the IF variations for T < 80 K is not controlled be the
overall hydrogen content (at least for concentrations between 79 and 450 at. ppm).

It should be noted that two different pinning stages are distinguished in the δi (T) and E (T)
heating curves. The extended smooth stage starting near 80 K is also found on cooling, with certain
temperature hysteresis (Figures 2 and 3). This stage is strongly suppressed by dehydrogenation treatment.
The abrupt pinning stage at 150–170 K has no correspondence in the cooling curves and is not affected by
dehydrogenation treatment. A comparison of linear and non-linear anelastic effects may shed some light
on the origin of the stages. The smooth pinning stage is observed only in δi (T) and E (T) curves, whereas
the abrupt stage can be distinguished, in addition, in δh and (ΔE/E)h versus T dependences. In Figure 4,
the pinning stage is manifested in δh (T) curves as a decrease with increasing temperature (heating run
for VA sample, cooling and heating runs for WQ sample) or as a shoulder (cooling run for VA sample).
Different manifestation of the two pinning stages in the linear and non-linear anelastic properties
indicates distinct spatial localization of the hydrogen diffusion paths involved in the redistribution
of hydrogen between twin boundaries and other structural defects. During the initial smooth stage,
pinning suppresses only short-range mobility of twin boundaries, while their non-linear dynamics on the
mesoscopic scale remains unaffected. This evidences that hydrogen diffusion proceeds in the core regions
of the defects and, hence, is defect-assisted. The second pinning stage suppresses both short-range and
long-range mobility of twins. It is indicative that the second pinning stage is much more extended
(30–40 K) in the non-linear anelastic properties as compared to the linear ones. A possible interpretation
of the high-temperature pinning stage, affecting both core and extended atmosphere regions of twin
boundaries, can involve bulk diffusion of hydrogen. We note here that much faster pipe diffusion of
hydrogen along the dislocations, as compared to bulk diffusion, has been reported in Pd [28].

Finally, we note that the present study provides at least two indications that the diffusion mobility
of hydrogen interstitials in the R phase is lower than in the B19’ phase: (1) the low-temperature IF
maximum and pinning stage in the effective Young’s modulus are shifted to higher temperatures in the
R phase as compared to the B19’ phase; (2) temperature hysteresis of the IF on the high-temperature
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side of the low-temperature IF maximum is observed in the R phase, but not in the B19’ phase.
Since hydrogen diffusion over the range of the low-temperature IF maximum is most probably
defect-assisted, different structure of twin boundaries may contribute to this distinction between
diffusion in the R and B19’ phases.

5. Conclusions

(1) Contamination of the Ti50Ni46.1Fe3.9 alloy by hydrogen gives rise to an IF maximum in the R
martensitic phase and a complicated pinning stage in the temperature dependence of the effective
Young’s modulus at temperatures corresponding to the high-temperature side of the IF maximum.

(2) Dehydrogenation heat treatment of the H-contaminated Ti50Ni46.1Fe3.9 alloy transforms the IF
maximum into a plateau or a smooth maximum caused by a residual hydrogen content.

(3) The IF maximum is associated with a competition of two different temperature-dependent
processes affecting the hydrogen concentration in the core regions of twin boundaries, similarly
to the non-relaxation IF maximum observed earlier in the B19′ martensitic phase of a
Ni50.8Ti49.2 alloy.

(4) Amplitude-dependent anelasticity (IF and Young’s modulus defect) of the R phase is also very
sensitive to hydrogen content, but its maximum values are shifted to higher temperatures
as compared to those of the amplitude-independent IF. The temperature dependence of the
amplitude-dependent anelasticity is associated with evolution of extended hydrogen atmospheres
near twin boundaries.

(5) Diffusion mobility of hydrogen interstitials in the R phase is lower than in the B19’ phase.
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Abstract: The effect of Ni-content on phase transformation behavior of NiTi-20 at. % Zr high
temperature shape memory alloy (HTSMA) is investigated over a small composition range, i.e., 49.8,
50.0 and 50.2 at. % Ni, by differential scanning calorimetry (DSC), high-energy synchrotron
radiation X-ray diffraction (SR-XRD), scanning electron microscopy (SEM), and transmission electron
microscopy (TEM). All samples show a monoclinic B19′ martensitic structure at room temperature.
It is shown that even with these small variations in Ni-content, the alloy shows vastly different
transformation temperatures and responds in a drastically different manner to aging treatments
at 550 and 600 ◦C. Lastly, a discussion on H-phase composition with respect to bulk composition
is presented.

Keywords: shape memory alloys; high temperature shape memory alloy (HTSMA); NiTiZr; NiTi

1. Introduction

Since the discovery of the shape memory effect in near equi-atomic binary Ni–Ti alloys [1],
considerable research efforts have been made to control the transformation temperatures (TTs),
microstructure, and shape memory properties through alloying and thermo–mechanical processing [2].
Through this research, Ni–Ti-based shape memory alloys (SMAs) have now become an important
technological material for a wide array of applications [3,4], i.e., specifically medical devices [5],
actuators [6], etc. Despite this eclectic and ever-expanding list of applications, there exists more
opportunity to enlarge the realm of potential uses by increasing the temperatures at which the
characteristic phase transformation occurs, most notably in the aerospace industry [6–9].

It has been shown that binary Ni–Ti can exhibit maximum TTs of approximately 115 ◦C [2,6],
specifically the austenitic finish (Af), but this can readily be increased by adding ternary additions such
as Au, Pt, Pd, Hf or Zr to create high temperature SMAs (HTSMAs); however, with the exception of Hf
and Zr, these additions increase production cost greatly, making them economically impractical for
almost all applications, especially in the private sector where profit is the main concern. Following this
logic, there still exists a need to create viable cost-effective HTSMAs. While NiTiHf HTSMAs are
currently being heavily investigated due to their ease of processability and excellent shape memory
characteristics, it is worth noting that Hf still costs ten times the price of Zr and is twice as dense;
meaning that producing acceptable NiTiZr HTSMAs would allow for cheaper and lighter devices,
two of the most important aspects in the aerospace industry. Therefore, it has been determined by the
authors that the pursuit of NiTiZr HTSMAs is of both technological and intellectual importance.

The beneficial effects of Zr additions to Ni–Ti were first reported by Eckelmeyer et al. [10]
in 1976 and later expanded by Adu Judom et al. [11] and Hsieh et al. [12,13] to include higher atomic
percentages while still maintaining the characteristic austenite-to-martensite phase transformation,
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up to 25 at. % Zr when substituting for Ti and the amounts of Ti and Zr sum to above 51 at. %.
Early research focused on Ti-rich compositions due to their higher TTs but soon proved to be too
brittle, exhibited poor thermal stability, and formed a large number of intermetallic phases such NiTiZr
Laves phase, Ni7(Ti,Zr)2, Ni10(Ti,Zr)7,and NiZr [13,14]; however, recent research has shifted to Ni-rich
compositions due to the formation of nanoscale precipitates first recognized by Sandu et al. [15,16].

Since its indexing by Han et al. [17], hence the common name “H-phase”, in a NiTiHf HTSMA,
numerous groups have reported and characterized the same structure in both NiTiHf and NiTiZr
HTSMAs [7,18–27]. Most notably Yang et al. [24], who performed high resolution S/TEM and atomic
modeling to verify the stability of the orthorhombic structure in Ni-rich NiTiHf, but spectrum of
compositions has been reported for the phase, most notably with respect to the Ti:(Zr/Hf) ratio
while maintaining a Ni:(Ti,Hf/Zr)approximately equal to 1-1.2:1 [17,23,24,26–28]. By this point,
NiTiZr HTSMAs have slowly been disregarded, not only due to their initial failures but also due to the
rapid success of comparable Hf alloys; although Evirgen et al. [18,19] studied the microstructural and
shape memory effects of slightly Ni-rich NiTiZr and showed that the addition of these nanoprecipitates
of the appropriate size could not only increase TTs but also the shape memory properties and
thermal stability of the alloys. However, to the authors’ knowledge, there has yet to be a systematic
study that examines how small changes in Ni-content of near equimolar compositions in NiTiZr
HTSMAs can affect precipitation, TTs, transformation stability, and microstructure. It is the intent
of this study to fill this void and to elucidate precipitation regions based on composition and aging
temperature by examining three NiTi-20 at. % Zr HTSMAs with small changes in Ni-content. The three
HTSMAS are subsequently characterized by differential scanning calorimetry (DSC), scanning electron
microscopy (SEM), transmission electron microscopy (TEM), and high-energy synchrotron X-ray
diffraction (SR-XRD).

2. Materials and Methods

Three 200 g ingots of NiTi-20 at. % Zr with Ni-content of 49.8, 50.0 and 50.2 at. % (referred to
Ni-lean, equimolar and Ni-rich, respectively, throughout the paper) were arc-melted in an inert argon
environment using high purity elemental Ni, Ti, and Zr at ATI Specialty Alloys and Components
and supplied to the University of North Texas for further investigation. The as-cast ingots were
then sectioned into approximate 7 × 7 × 45 mm3 strips and solutionized at 1000 ◦C for 1 h in air
to remove any casting effects and subsequently mechanically polished to remove the formed oxide
layer. Rolling of alloys was not attempted because all three compositions exhibited gross cracking
during water quenching after solutionizing treatment. Solutionized samples were then sectioned
into 7 × 7 × 1 mm3 slices, so that aging at 550, 600 and 800 ◦C for various times could be examined
under the same starting metallurgical conditions. Aging at 550 ◦C was chosen since it is the generally
accepted peak aging temperature for Ni-rich NiTiHf/Zr HTSMA [7,18,26]. Aging at 600 ◦C was chosen
since this will increase the precipitation rate. Aging at 800 ◦C was chosen to investigate possible
precipitation during hot rolling applications.

TTs were examined using a Netzsch differential scanning calorimetry (DSC) (Selb, Deutschland)
204 F1 Phoenix at a heating rate of 10 ◦C/min while under a helium environment to negate oxidation.
Sample weights were kept between 20–30 mg and then thermally cycled from 50–400 ◦C. In addition,
some samples were cycled 10 times to assess stability of the transformation. The austenitic and
martensitic start, peak, and finish temperatures (As, Ap, Af, Ms, Mp and Mf respectively) represent the
onset, peak position and the end of the transformation peaks measured in the DSC experiments.

High-energy synchrotron radiation X-ray diffraction (SR-XRD,) measurements were collected at
the Advanced Photon Source (APS) in Argonne National Laboratory at the sector 11-ID-C beam line
in transmission mode with a sample thickness of approximately 1 mm. For ex situ experiments,
Debye–Scherrer diffraction patterns (APS, Argonne, IL, USA) were taken at a beam energy of
approximately 105.1 keV and rectangular beam size of 0.3 × 0.3 mm2 for an exposure time of
0.5 s/frame incorporating 8 summed frames for approximately 4 s total exposure time for each
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measurement. Diffraction data was collected using a Perkin Elmer amorphous silicon detector,
which was positioned approximately 1.8 m from the sample and calibrated using Ce2O powder.
For in situ experiments, Debye–Scherrer diffraction patterns were continuously collected as the sample
was heated from 30 to 550 ◦C at a rate of 30 ◦C/min and held for 3 h to observe precipitate growth.
These measurements were recorded at a beam energy of 105.1 keV with a beam size of 0.5 × 0.5 mm2

for an exposure time of 0.1 s/frame incorporating 100 summed frames for an approximate total
exposure time of 10 s for each diffraction pattern. A 2 mm stainless steel block was placed in
front of the beam before the sample to act as an absorber to prevent overexposure of the diffraction
patterns. Data analysis was performed using a combination of Fit2D [29], custom matlab code [30],
Fiji [31], an imageJ package, for qualitative phase analysis, and MAUD [32], Materials Analysis Using
Diffraction, for Reitveld refinement of the lattice parameters. Powder diffraction data for binary
NiTi B19′ (PDF number: 03-065-0145) [33] was used as a starting point for refinement of NiTiZr
martensitic phase. Ti2Ni phase structural parameters were obtained from the COD database [34]
(COD ID: 2310267 [35]) and H-phase parameters were obtained from Yang et al. [24] and used for
identification of XRD reflections.

Scanning electron microscopy (SEM) was performed using a Hitachi TM3030 (Tokyo, Japan).
Samples were etched with a 26 mL glycerol, 6 mL concentrated HNO3, and 1 mL concentrated HF
solution for 5 s. Area fraction was calculated using a total image area of 0.25 mm2 and measuring at
least 3000 particles for each alloy. Transmission electron microscopy (TEM) samples were prepared
using the lift-out method on an FEI Nova 200 Nanolab dual beam SEM (Hillboro, OR, USA)/focused
ion beam (FIB) and thinned to an appropriate thickness for TEM imaging. High angle annular dark
field scanning TEM (HAADF-STEM) images were collected using an FEI Techai G2 F20 S-Twin 200 keV
field-emission S/TEM equipped with an EDS system to allow for compositional analysis. The HAADF
detector specifically allows for Z-contrast imaging in STEM mode so that precipitation could easily be
identified within the martensitic matrix.

3. Results

3.1. Differential Scanning Calorimetry (DSC) for Transformation Temperatures

Figure 1a–c shows the DSC data over two thermal cycles for the Ni-lean, Equimolar, and Ni-rich
samples, respectively. In the solutionized condition, the Ni-lean alloy exhibits the highest TTs,
followed by the equimolar alloy and then the Ni-rich alloy. After aging at 550 and 600 ◦C, all three
alloys show different responses with respect to changes in TTs. For the Ni-lean case, both the austenitic
and martensitic phase transformation peaks continually fall to lower temperatures and slightly broaden
with increasing aging times. The Ni-rich alloy exhibits the opposite trend with respect to TTs position.
As aging times increase, TTs also increase while a peak broadening is also observed. The equimolar
alloy is observed to be less sensitive to aging effects with only minor changes in the DSC curves despite
what aging treatment is employed. The one exception to this is the 550 ◦C for 1 h (lowest temperature
and shortest time); a two-stage transformation is observed at this heat treatment.

Figure 2a–c shows the transformation peak positions, specifically Af and Ms, from DSC
measurements over ten thermal cycles for the solutionized, 550 ◦C for 3 h, 600 ◦C for 1 h, and 600 ◦C
for 6 h conditions for the Ni-lean, equimolar, and Ni-rich alloy, respectively. For the rest of this article,
we will define a stable transformation as a temperature drop less than 0.5 ◦C between consecutive
cycles for both Af and Ms. Using this criterion and examining the solutionized conditions, it is observed
that the Ni-lean and equimolar exhibit a stable phase transformation after only three heating cycles,
while the Ni-rich achieves stability after eight thermal cycles. Aging the Ni-lean and equimolar samples
does not affect the overall stability of the transformation with all three aging treatments showing
a transformation temperature stabilization after 3–4 heating cycles. For the Ni-rich sample, all three
heat treatments again reach transformation stabilization after eight heating cycles, similar to the
solutionized sample, but the overall transformation temperature drop for the Af, i.e., the transformation
temperature at cycle one minus cycle ten, is approximately 15 ◦C less for all three heat treatments,
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39.5 ◦C for the solutionized and approximately 25 ◦C for the heat-treated samples. Overall, the Ni-lean
and the equimolar samples show much better stability in TTs than the Ni-rich sample no matter which
heat treatment schedule is performed.

Figure 1. Offset Raw DSC data for the (a) Ni-lean, (b) equimolar and (c) Ni-rich alloys showing
transformation temperatures (TTs) as a function of heat treatment.

Figure 2. Cont.
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Figure 2. TT position acquired from DSC thermal cycling data for the (a) Ni-lean, (b) equimolar and
(c) Ni-rich alloys over ten heating and cooling cycles. Only Af and Ms are shown for clarity, however
both As and Mf show a similar trend in all cases.

3.2. Microstructural and High Energy Synchrotron Radiation X-ray Diffraction (SR-XRD) Analysis

Figure 3a–c shows SEM images of the Ni-lean, equimolar, and Ni-rich alloy, respectively, in the
solutionized condition. The micrographs indicate a mostly martensitic structure with the presence
of (Ti,Zr)2Ni or (Ti,Zr)4Ox type precipitates in all the samples, black phases in the micrographs.
These will be discussed as (Ti,Zr)2Ni precipitates for the remainder of this article. The area fraction of
the (Ti,Zr)2Ni precipitates increases with decreasing Ni-content and the size of the precipitates also
increases slightly with the Ni-lean showing a higher distribution of large particles. Other conditions,
are not shown due to a lack of change associated with the micrographs at SEM resolution and therefore
will no longer be discussed.

 
Figure 3. Backscattered electron (BSE) micrographs of the solutionized conditions for the (a) Ni-lean,
(b) equimolar, and (c) Ni-rich alloys. All alloys show a similar martensitic structure with increasing
amounts of the (Ti,Zr)2Ni precipitates (black phase) scattered within the martensitic matrix as (Ti,Zr)
amount is increased. Calculated % area fraction is given in the bottom left of each micrograph.

Figure 4a–c shows both the full Debye–Scherrer diffraction patterns and the corresponding 1-D
integrated diffraction pattern from ex situ experiments for the solutionized conditions of the Ni-lean,
equimolar and Ni-rich alloy, respectively. The calculated lattice parameters using a Reitveld refinement
fitting method are also given. All three alloys show similar results that indicate a fully monoclinic
B19′ structure and residual texture, i.e., oriented diffraction spots, associated with the casting process.
In addition, all of the diffraction patterns appear “spotty” due to the small beam size in relation to the
grain size although enough grains are being irradiated to confirm that the alloys exhibit polycrystalline
behavior. Based on SEM images, it is estimated that approximately 2500 grains, martensitic lathes,
are within the irradiated volume. Lastly, the only notable second phase present is a (Ti,Zr)2Ni peak
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centered at 2.26 Å, which is observable in all the samples but is highest in intensity in the Ni-lean case,
Figure 4a. No residual austenite is detected in any of the solutionized conditions.

Figure 4. SR-XRD diffraction data from ex situ experiments including both the full Debye–Scherrer
diffraction pattern and the integrated normalized 1-D diffraction pattern collected for the (a) Ni-lean,
(b) equimolar, and (c) Ni-rich in the solutionized condition. Confirms the B19′ martensitic structure
present in all three alloys at room temperature. Selected martensite peaks indexed for clarity and
calculated lattice parameters obtained by the Reitveld method also included in each graph.

Figure 5a–c shows integrated 1-D diffraction patterns from ex situ experiments, which have
been normalized and offset, for the 550 ◦C for 3 h, 600 ◦C for 6 h, and 800 ◦C for 3 h heat treatment
conditions for the Ni-lean, equimolar and Ni-rich case. Looking at the Ni-lean case, Figure 5a, it is
observed that a sharp peak is apparent between the martensitic fingers at approximately 2.19 Å and is
indexed to be residual austenite residing in the martensite matrix. This peak is most prevalent in the
550 ◦C for 3 h and least visible in the 600 ◦C for 6 h condition, which is most likely due to the small
interaction volume associated with the micro-beam used to collect the diffraction data in addition
to the low intensity, spotty nature of the residual austenite throughout the matrix. The main point
of interest however is tracking the (Ti,Zr)2Ni precipitate phase, e.g., small peak at 2.25 Å. From the
diffraction patterns taken during ex situ experiments, it is not readily obvious that any meaningful
change in amount of precipitates can be observed. Figure 5b shows the diffraction data for the
equimolar alloy. No observable phase growth is observed at any condition when the alloy is treated at
550 ◦C or 600 ◦C for any amount of time. However, once the temperature is raised to 800 ◦C for 3 h,
the same peak for the residual austenite at 2.19 Å is observed. In Figure 5c, the Ni-rich 1-D diffraction
data, a different broad peak is observed, centered at 2.21 Å, in the diffraction data when the alloy
is treated at 550 ◦C or 600 ◦C. This peak has been indexed as the nano-strengthening H-phase seen
in other NiTiZr and NiTiHf HTSMAs compositions [7,17,18,23,26,28] using the basis positions from
Yang et al. [24]. Once the temperature increases to 800 ◦C, the presence of the broad H-phase peak is
no longer observed, but rather the sharp residual austenite peak at 2.19 Å is observed instead.
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Figure 5. SR-XRD integrated normalized 1-D diffraction patterns from ex situ experiments for select
heat treatment conditions for the (a) Ni-lean, (b) equimolar and (c) Ni-rich condition illustrating
different precipitation growth. The appearance of residual austenite is evident in some of the conditions
(peak at 2.19 Å indicated with a triangle). Growth of the (Ti,Zr)2Ni precipitates is not obvious in any of
the samples (peak at 2.25 Å indicated by a star), while H-phase growth is observed in the Ni-rich alloy
by the appearance of a broad peak (peak at 2.21 Å indicated by a circle).

Figure 6a–c shows HAADF-STEM images for the 600 ◦C 6 h heat treatment for the Ni-lean,
equimolar, and Ni-rich alloys, respectively. For the Ni-lean case, a low contrast image is observed with
no major precipitation on the sub-micron scale. The inset in Figure 6a shows small localized grain
boundary precipitation on the martensitic lathes of the nanoscale H-phase and confirmed by EDS
measurements, although this was the only location on the entire TEM liftout where these precipitates
were observed. The equimolar alloy shows a few (Ti,Zr)2Ni precipitates but no major amount of
precipitation; however, small pockets of H-phase along the martensitic lathes are observed. These are
evident by the bright white spots in the micrographs due to the higher atomic concentration of Zr with
respect to the matrix. The Ni-rich alloy exhibits an appreciable concentration of the lenticular H-phase
precipitates on the order 130 ± 50 nm in length and 35 ± 8 nm in width homogenously dispersed
throughout the martensitic matrix. In addition, two large (Ti,Zr)2Ni precipitates are also observed.

 

Figure 6. Representative HAADF-STEM images for the (a) Ni-lean, (b) equimolar and (c) Ni-rich
alloys after a 600 ◦C 6 h heat treatment. The bright white lenticular phase are the H-phase due to
its higher Zr content with respect to the matrix and the large dark phase seen in (b,c) correspond to
(Ti,Zr)2Ni precipitates. Inset in (a) shows the only small pocket of H-phase precipitates within the
Ni-lean martensitic matrix. In both (b,c) it is observed that (Ti,Zr)2Ni and H-phase precipitates are in
the material, with more H-phase growth in the (c) Ni-rich alloy.
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Figure 7 presents the measured average composition for the observed H-phase precipitates over
the nominal Ni-content. It should be noted that only three H-phase precipitates were observed in the
entire Ni-lean TEM liftout and only approximately 15–20 were found in the equimolar TEM liftout.
The measured composition of the H-phase gives an approximate at. % Ni:(Ti,Zr) ratio of 1:1 for all
three alloys but the relative amount of Ti and Zr appears to deviate when Ni-content is above 50 at. %
with a 10 at. % increase in Zr-content for the measured precipitates in the Ni-rich alloy.

Figure 7. Average measured composition of the observed H-phase precipitates over nominal at.
Ni content obtained with from EDS measurements.

Figure 8a–c shows the integrated normalized 1-D diffraction patterns from in situ SR-XRD
experiments for the Ni-lean, equimolar, and Ni-rich alloys, respectively, at 550 ◦C for 0, 1, 2, and 3 h
of the isothermal hold in the d-spacing range of 2.00–2.75 Å. XRD measurements collected during in
situ experiments were performed with a slightly larger beam size, with respect to the diffraction data
collected during ex situ experiments, to improve grain statistics. In addition, in situ measurements
allow for observation of the phase evolution at a single location on the samples, and therefore remove
any area dependent errors that can be produced using a micro-beam for ex situ measurements. In all
cases, a small amount of the Ti2O and hexagonal Ti2ZrO are observed. Also, a small reflection
originating from TiC is observed and likely was formed during casting of the alloys. Al2O3 peaks are
also observed, but these are due to the insulation in the furnace used during the experiment. For the
Ni-lean alloy, it is evident from the relative intensity of the austenite (110) and the (Ti,Zr)2Ni (422),
that there exist a larger fraction of the (Ti,Zr)2Ni precipitates within the irradiated volume upon initially
reaching 550 ◦C (0 h diffraction pattern) than is observed in either the equimolar or Ni-rich alloy. It is
observed that the relative intensity of the austenite (110) and the (Ti,Zr)2Ni (422) is changing with time
due to the decrease in intensity of the austenite (110) peak because of orientation changes within the
B2 phase within the interaction volume, while the intensity of (Ti,Zr)2Ni (422) peak is relatively the
same throughout the duration. As time is increased, the intensity of the other two (Ti,Zr)2Ni reflections
shown in Figure 8 grow, that is the (511) at 2.16 Å and the (331) at 2.57 Å, throughout the duration of the
experiment. This observation can be explained as the (Ti,Zr)2Ni phase does not act like a homogenous
powder phase as it is in a low volume fraction. In the equimolar alloy, there exist an initial amount
of the (Ti,Zr)2Ni precipitates but no major growth of the (Ti,Zr)2Ni phase is observed within the 3 h
of the experiment. The Ni-rich alloy also shows an initial amount of (Ti,Zr)2Ni precipitates but with
a much lower intensity with respect to both the Ni-lean and equimolar alloys. As the sample is heated,
little change is observed with regards to phase precipitation.
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Figure 8. Integrated normalized 1-D diffraction patterns from the in situ SR-XRD experiments for
an isothermal hold at 550 ◦C at 0, 1, 2, and 3 h over the d-spacing range 2–2.75 Å for the (a) Ni-lean with
insets of the peak growth of the (331) and (511) for the (Ti,Zr)2Ni phase, (b) equimolar, and (c) Ni-rich
condition illustrating different precipitation and oxide growth. Al2O3 reflections correspond to the
insulation in the furnace.

Figure 9a–c shows the integrated normalized 1-D diffraction patterns from the in situ SR-XRD
experiments for the Ni-lean, equimolar, and Ni-rich alloys, respectively, at 550 ◦C for 0, 1, 2 and 3 h of
the isothermal hold in the d-spacing range 3.4–3.8 Å with an inset of the 0 and 3 h stacked to emphasize
the change. In this d-spacing range, it is possible to independently observe the growth of (206)/(220)
H-phase reflections, centered at 3.57 and 3.61 Å, respectively. It is clear, that no measureable growth is
observed in either the Ni-lean or equimolar but a small broad hump becomes visible as aging proceeds
in the Ni-rich alloy indicating the growth of the H-phase precipitates. The peak is observed to be very
low in intensity and extremely broad in the aging condition due to the volume fraction and size scale
associated with its formation.

Figure 9. Cont.
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Figure 9. Integrated normalized 1-D diffraction patterns from the in situ SR-XRD experiment for
an isothermal hold at 550 ◦C at 0, 1, 2 and 3 h over the d-spacing range 3.4–3.8 Å for the (a) Ni-lean,
(b) equimolar, and (c) Ni-rich condition. The only measureable phase growth is due to the formation
of the nanoscale H-phase precipitates. The insets allow for better visualization of the subtle change
caused by the formation of the precipitate phase and in (c) the growth of the peak intensity over time
is shown.

4. Discussion

4.1. Transformation Temperatures and Precipitation with Respect to Ni-Content

Figure 8a shows a plot of the transformation temperatures of the solutionized condition vs. nominal
Ni at. %. It is important to note the sharp drop in TTs from the Ni-lean, 49.8 at. % Ni, to the Ni-rich,
50.2 at. % Ni, composition. There is an approximate 110 ◦C change in both the austenitic and martensitic
TTs. When compared with previous research for binary NiTi of similar compositions (Ni49.8Ti50.2 and
Ni50.2Ti49.8), only an approximate 36 ◦C change [36] is seen over this composition range. This confirms
that strict composition control during production is even more important in NiTiZr HTSMAs than in
conventional binary NiTi SMAs due to the inclusion of the Zr atoms substituting on the Ti-sites in the
B19′ and B2 structures. All the alloys investigated in this study respond very differently when aging at
550 and 600 ◦C. For brevity, only the peak positions for the two characteristic phase transformations,
Ap and Mp, will be discussed but other TT metrics, i.e., As, Af, Ms and Mf follow the same trends.

Starting with the Ni-lean case, TTs drop as the alloy is aged at 550 and 600 ◦C. At 550 ◦C,
a continual drop in both the Ap and Mp is observed from 1–3 h with a maximum drop of 25 ◦C and
31 ◦C for the Ap and Mp, respectively, after aging for 3 h. When the temperature is increased to 600 ◦C,
the drop in TTs almost completely levels off after a 3 h heat treatment with a drop of approximately
30 and 33 ◦C for the Ap and Mp, respectively. The drop in TTs can be explained by the formation of the
(Ti,Zr)2Ni precipitates, as confirmed by the SR-XRD patterns from the in situ experiment presented in
Figure 8a, which upon their formation or coarsening will cause the depletion of Ti from the martensitic
matrix, therefore, creating a slightly higher Ni-content in the B19′ structure, which is directly proven
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to drop TTs in Figure 10a. It can be concluded that the precipitation/coarsening rate of (Ti,Zr)2Ni
precipitates is faster at 600 ◦C than at 550 ◦C, although no in situ data was collected at 600 ◦C, since the
TTs drop at 600 ◦C for 1 h and 550 ◦C for 3 h is approximately the same, 25 ◦C for the Ap and 30 ◦C for
the Mp, In addition, precipitation of the (Ti,Zr)2Ni phase is observed at 800 ◦C, thereby confirm its
growth stability in the range of 550–800 ◦C.

Figure 10. Transformation temperatures for the (a) solutionized and (b) aged at 600 ◦C for 6 h over the
nominal at. Ni content. As the non-equimolar alloys are aged, the matrix composition moves closer to
equimolar values therefore shifting transformation temperatures to overall closer values.

Aging the equimolar alloy show little change, with only slight drops, e.g., 5 and 4 ◦C for the Ap

and Mp, respectively, and this behavior is confirmed by the in situ experiment in Figure 8b, in the
TTs peak position observed when heat treating at 600 ◦C for 6 h. The exception to this is the 550 ◦C
for 1 h, in which a multi-step transformation is observed. This is generally attributed to grain boundary
precipitation or an intermediate R-phase transformation in binary NiTi alloys [37], and this is most
likely the cause in this instance as H-phase grain boundary precipitation has been directly observed
in HAADF-STEM image for the 600 ◦C for 6 h heat treatment, Figure 6b. Once the fine precipitates
grow larger, the effect is no longer observed since the precipitate density along the grain boundaries
has decreased due to coarsening [38]. The volume fraction of these H-phase precipitates is so small,
and therefore no major changes in TTs peak position are observed. In addition, there is likely some
co-precipitation of the (Ti,Zr)2Ni precipitates throughout the alloy due to local changes in composition
throughout the bulk, thereby leaving the B19′ matrix composition relatively unaffected.

The Ni-rich alloy responds by increasing TTs upon heat treating at 550 and 600 ◦C. The maximum
temperature increases observed are 28 and 22 ◦C for the Ap and Mp, respectively, due to the 600 ◦C
6 h treatment. The reason for this temperature increase can be attributed to the formation of the
Ni-rich nano-scale H-phase observed in the SR-XRD data collected during both ex situ and in situ
experiments (Figures 5c and 9c respectively) and the HAADF-STEM micrograph (Figure 6c) which
cause a Ni depletion in the B19′ martensitic matrix. In addition, the homogenous distribution of
the nano-scale H-phase, like Ni4Ti3 in binary NiTi, creates strain fields in the martensitic matrix that
also aid in increasing transformation temperatures [2,7,18,19]; however, this amount of change in TTs
is already achieved between 2–3 h at 600 ◦C, so it is likely that further heat treatments are causing
coarsening of the precipitates rather an increase in phase amount. Aging at 550 ◦C has the same
effect, but an obviously slower precipitation rate as the TTs observed at 550 ◦C for 3 h never fully
reach the maximum observed when aging at 600 ◦C. This observation leads to the conclusion that
the equilibrium volume fraction has yet to be reached and longer aging times at 550 ◦C can produce
slightly higher TTs than what is reported in this article.

It should be noted that the ex situ experimental data (Figure 5) did not lead to solid experimental
evidence with regards to the precipitation paths and the shifts in TTs. This can be attributed to the
small interaction volume, the changing of the observation point, the low volume fraction change of
the precipitates, and the high amount of reflections present due to the martensitic structure. All these
factors together make it difficult to see the minor changes happening within the martensitic matrix due
to the aging conditions. This result speaks to the limitations of experimental techniques to determine
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relative change in such compositionally dependent alloys, even with high resolution SR-XRD. There is
still value in presenting the data, as not only does it show limitations, but also provides a link to the
DSC experimental data and the aging conditions. The main conclusion, however, comes from the in
situ experimental data (Figures 8 and 9) that Ni-lean alloys can shift TTs to lower temperature by aging
due to the formation of (Ti, Zr)2Ni (causing depletion of Ti from the matrix) and Ni-rich alloys can
shift TTs to higher temperature by aging due to the formation of H-phase (causing depletion of Ni
from the matrix).

Figure 10b presents the samples aged at 600 ◦C for 6 h over the nominal Ni at. %. Examining
the peak positions of both the austenitic and martensitic transformation, it is observed that the
transformation temperatures are much closer than in the previously solutionized condition. In this
condition, there is now only 50 and 65 ◦C for the Ap and Mp, respectively, because of the now closer
B19′ matrix compositions. It is evident that as the alloys are heat treated they are slowly moving
toward an equimolar composition in the martensite, and therefore, TTs are moving closer together
with respect to the solutionized condition.

Examining the thermal stability of the phase transformation with respect to Ni-content
(Figure 2a–c), the Ni-lean and equimolar samples exhibit a much more stable transformation regardless
of the heat treatment. This can be explained since the precipitation reactions have a much smaller
effect at the cycling temperature. Cycling was performed up to 500 ◦C, allowing for the Ni-rich sample
to potentially undergo changes in the H-phase size and amount. This is not the case in the Ni-lean
sample as the formation of (Ti,Zr)2Ni precipitates are generally already large (greater than 1 micron),
and therefore do not cause changes in the TTs due to the dispersion of nano-precipitates which induce
a strain field in the martensite matrix, and the precipitation rate of the (Ti,Zr)2Ni precipitates is slow
at this temperature; however, in the Ni-rich alloy, cycling to 500 ◦C can cause meaningful changes in
the microstructure of the material, and therefore, the material is different from the previous cycle in
regards to amount and internal strain produced by the nano-precipitation of H-phase. The equimolar
alloy shows little sensitivity to aging at 550 and 600 ◦C, therefore, the phase transformations are already
stable after only 2–4 thermal cycles.

4.2. Aging at 550 ◦C and 600 ◦C vs. Annealing at 800 ◦C

It has already been previously discussed that the precipitation reactions and sensitivity at
550 and 600 ◦C are very different in the Ni-lean, equimolar, and Ni-rich compositions even over
the small composition range examined in this study; however, it is worth discussing that as
temperature is increased by solutionizing or heat treating, the alloys begin to behave more similarly.
Looking specifically at the 800 ◦C SR-XRD results presented in Figure 5a–c, it is observed that all three
alloys show very similar diffraction patterns. At this temperature, the Ni-rich alloy shows the same
sharp peak associated with the formation of residual austenite and does not show the broad peak
associated with the growth of the H-phase. The lack of precipitation of the H-phase in the 800 ◦C 3 h
condition can also be deduced by assuming that transformation temperatures would either (1) show
little change or (2) drop slightly because of the relaxation of residual strain due to casting. Although the
data is not presented in this work, DSC was performed on the Ni-rich 800 ◦C 3 h sample, Ap = 220 ◦C
and Mp = 150 ◦C, and it was confirmed that TTs slightly decreased from the solutionized condition,
Ap = 221 ◦C and Mp = 170 ◦C. Therefore, it is concluded that the formation of the nano-scale H-phase
can be avoided, or already formed nano-scale H-phase can be removed by annealing at temperatures
greater than 800 ◦C for Ni-rich NiTiZr HTSMAs.

4.3. Composition of the H-Phase

Figure 6a–c shows that there is an appreciable volume fraction of lenticular precipitates
homogenously dispersed in the matrix of the Ni-rich alloy that is not apparent in either the Ni-lean or
equimolar composition. EDS analysis confirms that the composition of the precipitate is consistent
with the H-phase reported by other researchers [17,23,24,26–28], i.e., a slightly Ni-rich precipitate,
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as expected. As noted earlier, the formation of H-phase precipitates was also observed in both the
Ni-lean and equimolar alloys, but only in small clusters centered along the grain boundaries of the
martensitic lathes. As expected, these clusters were more prevalent in the equimolar alloy, due to
the slightly higher Ni-content, but still were not in a significant amount. However, EDS analysis was
performed on the precipitates for each alloy (Figure 7), and the results suggest that the H-phase has
a variable (Ti,Zr) composition based on the alloy composition. This variable Zr content change would
adjust the Zr content in the matrix as the precipitates form, but it has been shown that changes in
Zr content only affect TTs by 0.17 ◦C/0.1 at. % Zr [11]; therefore, this effect is muted by the changing
Ni content which as shown in this article results in an approximate 27.5 ◦C/0.1 at. % Ni in the range
studied. Hornbuckle et al. [28] investigated the possibility of compositionally dependent H-phase
based on heat treatment time and found no statistical difference but stopped short of examining
alloy composition with respect to H-phase composition. However, reported results of H-phase
composition have differed vastly since its discovery leading to the hypothesis that H-phase could have
a composition range depending on the alloy studied [17,23,24,26–28]. Our results appear to support
this position, but more rigorous methods (i.e., atom probe tomography) are needed to completely
verify this hypothesis.

5. Conclusions

Three different NiTi-20 at. % Zr alloys with varying Ni-content were created and characterized
using DSC, SR-XRD, SEM, and TEM. Based on analysis of the data, the following conclusions
were made:

1. Small changes in at. % Ni have a dramatic effect on the TTs of the NiTi-20 at. % Zr system,
even more so than in binary NiTi. From 49.8–50.2 at. % Ni, a drop of the 110 ◦C of the Af is
observed while in binary the same composition range only changes the Af by approximately
36 ◦C, meaning composition control is even more crucial in the NiTi-20 at. % Zr system.

2. TTs can be tuned for a given application through aging treatments. The Ni-rich alloy, 50.2 at. %,
can be shifted to higher transformation temperatures due to the formation of nanoscale H-phase
precipitates, while the Ni-lean alloy can be shifted to lower transformation temperatures due to
the formation of (Ti,Zr)2Ni precipitates. In both Ni-lean and Ni-rich cases, precipitation results in
moving the martensite matrix composition toward the equimolar composition. The equimolar
alloy, however, shows little response to aging.

3. The Ni-rich alloy forms fine nano-scale H-phase precipitates when aging at lower temperatures,
i.e., 550 and 600 ◦C, but these precipitates no longer form when temperature is increased,
i.e., 800 ◦C. Although equimolar and Ni-lean alloys do not show an appreciable amount of
H-phase, some local pockets exist along martensitic grain boundaries.

4. H-phase is shown to shift compositionally with changes in Ni-content. Specifically by increasing
the Zr content in the precipitate from 30 at. % to 40 at. % Zr in the equimolar and Ni-rich
conditions, respectively. This behavior helps explain the wide range of H-phase compositions
reported in the literature in both NiTi-Hf and -Zr alloys.
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