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Editorial

Nanostructured Materials for Energy Storage and Conversion
Luca Pasquini

Department of Physics and Astronomy, University of Bologna, Viale C. Berti-Pichat 6/2, 40127 Bologna, BO, Italy;
luca.pasquini@unibo.it

The conversion and storage of renewable energy sources is an urgent challenge that
we need to tackle to transition from a fossil fuel-based economy to a low-carbon society. I
can hardly imagine that this revolution could take place without further breakthroughs
in materials science and technology. Indeed, contemporary materials history highlights
many game-changing materials that have deeply impacted our lives and contributed to
a reduction in carbon dioxide emissions. High-efficiency photovoltaic cells, blue light-
emitting diodes, and cathodes for Li-ion batteries are among the most illuminating examples
of knowledge-based materials’ development, which have experienced an exponential
market permeation and received the highest scientific awards.

These success stories, like many others in materials science, were built upon a tailored
control of the interconnected processes that take place at the nanoscale, such as charge
excitation, charge transport and recombination, ionic diffusion, intercalation, and the inter-
facial transfer of matter and charge. Nanostructured materials, thanks to their ultra-small
building blocks and the high interface-to volume-ratio, offer a rich toolbox to the scientist
that aspires to boost the energy conversion efficiency or the power and energy density of a
material. Examples of the materials’ tailoring tools enabled by nanoscience include: (i) the
quick separation and collection of photoexcited charges, avoiding recombination issues;
(ii) high catalytic activity thanks to the extreme surface area; (iii) accelerated diffusion of
ions and atoms along the nanocrystallite interfaces, and (iv) enhanced light harvesting due
to the low reflectivity of nanostructured surfaces. Furthermore, new phenomena will arise
in nanoparticles (NPs), such as the surface plasmon resonance, which dramatically alters
the interaction between metals and the electromagnetic field, superparamagnetism, which
turns a ferromagnetic particle into a collective paramagnet, and exciton confinement, which
causes the size-dependent colour of semiconductor quantum dots.

The ten articles published in this Special Issue showcase the different applications
of nanomaterials in the field of energy storage and conversion, including electrodes for
Li-ion batteries (LIBs) and beyond [1–3], photovoltaic materials [4–6], pyroelectric energy
harvesting [7], and (photo)catalytic processes [8–10]. The scientific contributions are briefly
summarized in the following.

Three main types of anode materials are currently being investigated for the replace-
ment of graphite in LIBs: (i) novel carbonaceous materials, (ii) conversion-type transition
metal compounds, and (iii) Si- and Sn-based anodes. Dai et al. report on the electrochemical
properties of an ordered array of SnO2 nanopillars prepared by pulsed laser deposition on
a nanoporous alumina template and employed as conversion-type anode for LIBs [1]. The
ordered nanopillar architecture provides adequate room for volumetric expansion during
lithiation/delithiation, offering a strategy to mitigate the performance degradation that
affects conversion-type anodes. The improved structural integrity and stability allows for a
high specific capacity of 524/313 mAh/g to be maintained after 1100/6500 cycles. In the
work of Azib et al., the surface chemistry of Si nanoparticles in a Si/Ni3.4Sn4 composite
anode is modified by a coating of either carbon or oxide [2]. The coating strongly reduces
the reaction between Si and Ni3.4Sn4 during the composite’s preparation by ball milling.
Better lithiation properties are obtained for carbon-coated Si particles that can deliver over
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500 mAh/g for at least 400 cycles. Jahnke at al. studied a highly porous aerogel cathode
composed of reduced graphene oxide (rGO), which is loaded with nanostructured SnO2
that serves as a cathode material for high-rate Al-ion batteries [3]. This binder-free hybrid
has excellent mechanical properties and combines the pseudocapacity of rGO with the
electrochemical capacity of SnO2 nanoplatelets. The proposed design is appealing for
future energy storage devices that can accommodate ionic species other than Li+.

The formation of nanoscale features with a high aspect ratio and large surface area
on Si is of great interest not only for Si-based battery anodes but also for photovoltaic
applications, where the ability to reduce surface reflection leads to enhanced solar harvest-
ing. Kafle et al. report on the formation of such anti-reflective nanostructures, known as
“black silicon” features, by the plasma-less etching of crystalline Si using F2 gas [4]. This
approach may provide an industrial etching tool for products that require a high-volume
manufacturing platform. In the field of photovoltaics, Saber et al. present a new approach
to the synthesis of nanopowders and thin films of a CuInGaSe2 (CIGS) chalcopyrite material
doped with different amounts of Cr [5]. From electrochemical impedance spectroscopy
measurements, they conclude that thin films with a CuIn0.4Cr0.2Ga0.4Se2 composition are
promising materials for solar cell applications. Gil et al. report on the synthesis and proper-
ties of a hybrid hole transport layer for perovskite photovoltaics, in which high-mobility
CuCrO2 nanoparticles are incorporated into conventional PTAA. This approach can boost
hole extraction while passivating deep-level traps. Moreover, a stability of about 900 h is
achieved under 85 ◦C, 85% relative humidity and continuous 1 sun illumination, suggesting
an effective strategy to improve the durability of perovskite solar cells. Pyroelectric energy
harvesting, which exploits the temperature changes induced by industrial activity or occur-
ring naturally, can also contribute to the clean energy transition. The work by Krsmanović
Whiffen et al. describes a co-precipitation method for the synthesis of nanocrystalline
wurtzite ZnS, which is an interesting material for pyroelectric applications [7].

Three papers in this Special Issue focus on thermocatalysis, photocatalysis, and
plasmon-driven catalysis. Calizzi et al. studied the thermocatalytic hydrogenation of
CO2 by Fe-Co alloy nanoparticles with different compositions, as prepared by inert gas
condensation [8]. The Fe-Co nanoalloys can catalyse the formation of C2-C5 hydrocarbons,
which are not detected using elemental Co and Fe nanoparticles. This effect is attributed to
the simultaneous variations in CO2 binding energy and decomposition barrier as a function
of the Fe/Co ratio in the nanoalloy. Mazzanti et al. report on the reductive cleavage of azo
bonds by the UV photoexcitation of nanostructured TiO2 films in contact with an aqueous
solution of azo dyes [9]. Charge separation is extremely long-lived in nanostructured TiO2
thin films, making them suitable for driving both oxidation and reduction reactions. This
approach provides an effective solution for the simultaneous implementation of wastewater
purification and photocatalytic conversion of waste into useful products. Finally, plasmonic
nanoparticles have recently attracted interest in the field of photocatalysis thanks to their
ability to harvest and convert light into highly energetic charge carriers and heat. The
perspective article written by Hamans et al. highlights two techniques for single-particle
studies of structure–function relations between plasmonic nanocatalysts: surface-enhanced
Raman spectroscopy and super-resolution fluorescence microscopy [10]. These two far-field
optical techniques make it possible to take a closer look at fundamental nanoscale processes,
such as photoactivation mechanism, molecular intermediates, and reaction pathways.

I wish to express my deepest gratitude to all the authors who contributed to this
Special Issue and to the reviewers who generously dedicated their time to improving
the quality of the submitted manuscripts. Special thanks go to all the editorial staff of
Nanomaterials for their enduring support during the preparation and publication of this
Special Issue.

Funding: This research received no external funding.

Conflicts of Interest: The author declares no conflict of interest.
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Abstract: SnO2, a typical transition metal oxide, is a promising conversion-type electrode material
with an ultrahigh theoretical specific capacity of 1494 mAh g−1. Nevertheless, the electrochem-
ical performance of SnO2 electrode is limited by large volumetric changes (~300%) during the
charge/discharge process, leading to rapid capacity decay, poor cyclic performance, and inferior
rate capability. In order to overcome these bottlenecks, we develop highly ordered SnO2 nanopillar
array as binder-free anodes for LIBs, which are realized by anodic aluminum oxide-assisted pulsed
laser deposition. The as-synthesized SnO2 nanopillar exhibit an ultrahigh initial specific capacity
of 1082 mAh g−1 and maintain a high specific capacity of 524/313 mAh g−1 after 1100/6500 cy-
cles, outperforming SnO2 thin film-based anodes and other reported binder-free SnO2 anodes.
Moreover, SnO2 nanopillar demonstrate excellent rate performance under high current density of
64 C (1 C = 782 mA g−1), delivering a specific capacity of 278 mAh g−1, which can be restored to
670 mAh g−1 after high-rate cycling. The superior electrochemical performance of SnO2 nanoar-
ray can be attributed to the unique architecture of SnO2, where highly ordered SnO2 nanopillar
array provided adequate room for volumetric expansion and ensured structural integrity during
the lithiation/delithiation process. The current study presents an effective approach to mitigate the
inferior cyclic performance of SnO2-based electrodes, offering a realistic prospect for its applications
as next-generation energy storage devices.

Keywords: lithium-ion batteries; SnO2; nanoarray; anode; high-rate

1. Introduction

Rechargeable lithium-ion batteries (LIBs) enjoy superior energy density and high
portability, realizing their widespread utilization in our commonly used electronic devices,
such as mobile phones, cameras, and laptops [1]. In the last decade, the utilization of
rechargeable LIBs has rapidly expanded into the field of electric vehicles (EVs) [2]. The
development of next-generation EVs requires LIBs with excellent energy density and rapid
charge/discharge capability under high current densities. Currently, the commercialization
of LIBs is mainly based on the carbon anodes with graphitic layered structure [3], however,
the limited theoretical capacity (372 mAh g−1) of graphite cannot meet the requirements of
next-generation LIBs, driving the exploration of alternative anode materials with high Li
storage capacity. Among a wide array of anode materials, transition metal oxides (TMOs)
are considered promising candidates against commercial graphite due to its rich in natural
resources and outstanding Li storage capacity [4,5]. In general, the Li-storage mechanism
in TMOs is either intercalation/deintercalation (MxOy + nLi+ + ne− ↔ LinMxOy) or
conversion reaction (MxOy + 2yLi+ + 2ye− ↔ yLi2O + xM) [6]. One should note that
the conversion-type TMOs render high theoretical Li storage capacity, such as Fe3O4
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(926 mAh g−1) [7], Co3O4 (890 mAh g−1) [8], and SnO2 (1494 mAh g−1) [9]. However, the
conversion-type TMOs experience large volumetric change during the charge/discharge
process, e.g., the volume change of SnO2 by ~300% [10,11], resulting in rapid capacity
decay, inferior cyclic performance, and poor rate capability.

After the first report on the utilization of SnO2 as an anode in LIBs by Idota et al. in
1997 [12], extensive research has been carried out to solve the problem of volumetric expan-
sion [13–15]. Benefiting from the development of nanotechnology and nanoscience [16–18],
a wide variety of SnO2 nanostructures, such as nanorods [19], nanowires [20,21], nan-
otubes [22], and nanofibers [23], have been employed to improve the electrochemical
performance and cyclic stability of SnO2-based anodes. Nevertheless, these nanostructures
of SnO2 suffer from the problems of agglomeration, redundant interfaces, and limited
electron transfer [24]. Hence, a highly ordered and stable SnO2 nanostructure is desired to
overcome these problems. Herein, we have fabricated highly arrayed SnO2 nanopillar by
anodic aluminum oxide (AAO)-assisted pulsed laser deposition (PLD) and employed as an
anode electrode in LIBs. Benefiting from the unique nanoarray structure, the SnO2 anode
rendered a reversible specific capacity of about 830 mAh g−1 after 300 charge/discharge cy-
cles and maintained a specific capacity of 313 mAh g−1 after 6500 charge/discharge cycles
at the current density of 2 C, exhibiting superior Li storage capacity and excellent cyclic
life. Note that 1 C indicates the current strength of the battery when it is fully discharged
in one hour, and 1 C of SnO2 is 782 mA g−1. Furthermore, it shows the discharge capacity
of 433, 414, 354, and 278 mAh g−1 at the current density of 8, 16, 32, and 64 C, respectively,
indicates the ultrahigh rate capability of as-synthesized SnO2 nanopillar. These results
reveal the superior electrochemical performance of highly arrayed SnO2 nanopillar, which
can be employed as binder-free electrodes in next-generation energy storage devices.

2. Materials and Methods
2.1. SnO2 Nanopillar Array Deposition

In order to improve the hydrophilicity of Cu foil surface and the adhesion between
the AAO template and Cu foil, a plasma cleaning system was used to clean the surface
of Cu foil before the transfer of AAO template. The employed AAO templates were
purchased from Topmembranes Technology Co., LTD, and their thickness and aperture
are around 650 nm and 310 nm, respectively. The fabrication of SnO2 nanopillar array
included three steps: (1) transfer of AAO template, (2) SnO2 deposition, and (3) removal
of AAO template. AAO-covered Cu foil and bare Cu foil were placed in a PLD system
(Pascal Mobile Combi-Laser MBE) to deposit SnO2. The optimal deposition conditions were
achieved by setting the laser energy at 350 mJ, laser pulse frequency at 10 Hz, substrate
temperature at 500 ◦C and oxygen pressure at 2.0 × 10−6 Torr. The removal of the AAO
template was accomplished by using polyimide high-temperature adhesive tape.

2.2. Electrochemical Characterization

The SnO2 nanoarray and thin-film electrodes (0.5 cm × 0.5 cm) with a mass loading of
0.12 mg/cm2 and 0.2 mg/cm2, respectively, were used for electrochemical characterization.
The CR2025-type coin-cells were assembled in an Ar-filled gloves box with water and
oxygen content of < 0.2 ppm. The 1 M electrolyte was prepared by adding an appropriate
amount of LiPF6 to the mixed solution of ethylene carbonate (EC) and dimethyl carbonate
(DMC) (1:1 v/v). The involved separator material is PP (polypropylene) /PE (polyethylene)
/PP from Guang-dong Canrd New Energy Technology Co., Ltd (Dongguan, China). The
galvanostatic charge/discharge cycling and rate capability were carried out by using a
battery testing system (2001A, LAND, Wuhan, China) in the voltage range of 0.01 to 3.0 V
(vs. Li/Li+). Cyclic voltammetry (CV) test was carried out by using an electrochemical
workstation (CS2350, Wuhan, China).
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3. Results

A highly arrayed SnO2 nanopillar architecture has been designed to overcome large
volumetric change of SnO2 (~300%) during the charge/discharge process. As schematically
illustrated in Figure 1a, the fabrication process of SnO2 array includes three steps: (1)
AAO template transfer, (2) SnO2 deposition, and (3) removal of AAO template. First, the
AAO template is carefully transferred on Cu foil before SnO2 deposition and then, the
SnO2 array is deposited on Cu foil by PLD using the AAO template. Finally, an array
of highly ordered SnO2 nanopillar is left on the Cu substrate after the removal of AAO
template. The utilization of SnO2 nanoarray as an anode material in LIBs is schematically
presented in Figure 1b, where the Li-ion half-cell consists of lithium metal, the separator,
and SnO2 nanoarray. One should note that the highly arrayed SnO2 nanopillar can provide
enough room for volumetric change, abundant active sites for Li storage, and ordered
electron transmission channels. Furthermore, the architecture of SnO2 array is confirmed by
scanning electronic microscopy (SEM), as shown in Figure 1c,d. The top-view SEM image
in Figure 1c clearly demonstrates the morphology of AAO template before and after SnO2
deposition, revealing the well-maintained AAO template structure during PLD. Moreover,
the SEM image in Figure 1d confirms the array architecture of the SnO2 nanopillar, wherein
the diameter of SnO2 nanopillar and the gap between neighboring SnO2 nanopillar can be
estimated as ~300 nm and ~130 nm, respectively, which are consistent with the structure of
AAO template. Note that SnO2 nanopillar with different diameter and gap were employed
before we use the optimized diameter and gap as ~300 nm and ~130 nm, because we found
that too small an array gap and the large nanopillar were unable to achieve long term
charge/discharge cycling, which may cause by they unable to provide enough space to
overcome the large volumetric change during the charge/discharge process.
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The X-ray diffraction (XRD) patterns of bare Cu foil and SnO2-coated Cu foil are pre-
sented in Figure 2a. The diffraction peaks can be well-indexed to tetragonal rutile-like 
SnO2 structure without any impurities [25]. The chemical composition of SnO2 nanoarray 
is further studied by X-ray photoelectron spectroscopy (XPS). The wide-range XPS spec-
trum is presented in Figure 2b, showing the presence of Sn, O and Cu elements. Note that 
the silver (Ag) peak appeared due to the residual silver paste, which was used during XPS 

Figure 1. SnO2 array deposition. (a) Fabrication of SnO2 nanopillar array by PLD using AAO template on a Cu foil substrate;
(b) Schematic diagram of a half-cell Li-ion battery, where SnO2 nanoarray is used as an anode and Li-foil is used as a cathode
and counter electrode; (c) SEM images of bare AAO template (upper panel) and AAO template after SnO2 deposition (lower
panel); and (d) a top-view SEM image of the SnO2 nanopillar array after the removal of AAO template.

The X-ray diffraction (XRD) patterns of bare Cu foil and SnO2-coated Cu foil are
presented in Figure 2a. The diffraction peaks can be well-indexed to tetragonal rutile-like
SnO2 structure without any impurities [25]. The chemical composition of SnO2 nanoarray is
further studied by X-ray photoelectron spectroscopy (XPS). The wide-range XPS spectrum
is presented in Figure 2b, showing the presence of Sn, O and Cu elements. Note that the
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silver (Ag) peak appeared due to the residual silver paste, which was used during XPS
sample preparation. Moreover, the high-resolution XPS spectrum of Sn 3d is plotted in
Figure 2c, wherein two peaks at around 495.3 eV and 486.4 eV correspond to Sn 3d3/2 and
Sn 3d5/2 [26,27], respectively, confirming the +4 valence state of Sn and formation of pure
SnO2 phase [23]. The XPS data were further verified by energy dispersive spectroscopy
(EDS). The elemental distribution of Sn, O and Cu is shown in Figure 2d-f. It can be readily
observed that the Sn and O signals are prominent in the regions of nanopillar, whereas the
Cu signal is relatively weaker. Overall, these results confirm the formation of a phase pure
SnO2 nanoarray architecture.
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After structural and microstructural characterization, the cyclic voltammetry (CV) and
galvanostatic charge/discharge testing were carried out to evaluate the electrochemical
performance of SnO2 nanoarray anode in LIBs. Also, the electrochemical performance
of SnO2 thin film is studied to demonstrate the positive influence of SnO2 nanoarray
architecture. The first three CV curves were recorded at the scan rate of 0.2 mV s−1 in the
voltage range of 0.01–3.0 V (vs. Li/Li+) to investigate the redox process in SnO2 nanoarray
architecture. During the first cathodic scan, as shown in Figure 3a, two reduction peaks
located at ~1.27 and 0.87 V (vs. Li/Li+) correspond to the conversion reaction of SnO2 to
Sn (Equation (1)) and formation of solid electrolyte interphase (SEI), respectively [28,29].
Moreover, the peak at 0.18 V (vs. Li/Li+) is attributed to the alloying process of Sn with Li
to form LixSn (Equation (2)) [30].

4Li+ + SnO2 + 4e− → 2Li2O + Sn (1)

xLi+ + Sn + xe− ↔ LixSn (0 ≤ x ≤ 4.4) (2)

During the first anodic process, three oxidation peaks can be observed in Figure 3a,
wherein the peak at ~0.51 V (vs. Li/Li+) indicates the dealloying reaction of LixSn
(0 ≤ n ≤ 4.4) (Equation (2)) [31], the peak at ~1.25 V (vs. Li/Li+) represents the decom-
position of LixO, and the peak at ~1.91 V (vs. Li/Li+) corresponds to the reoxidation of
Sn [32]. The redox peaks in Figure 3a confirm the cathodic and anodic processes of the
SnO2 nanoarray, which are consistent with previously reported SnO2-based anodes [20,25].
Moreover, the CV curves of SnO2 thin film in Figure S1 (Supporting Information) show
similar cathodic and anodic peaks, confirming the successful synthesis of phase pure
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SnO2 nanoarray. As shown in Figure 3a, the overlapping CV curves after the first cycle
suggest the excellent reversibility of redox reactions during the charge/discharge
process [11].
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Furthermore, the discharge/charge voltage profiles of SnO2 thin film and SnO2 nanoar-
ray anode are plotted in Figure 3b,c, respectively. During the first discharge process, an
apparent characteristic plateau at ~1.0 V (vs. Li/Li+) is found (Figure 3b), which can be
attributed to the irreversible occurrence of Equation (1) [25]. Moreover, a long slope due
to the formation of LixSn (Equation (2)) appeared with the further discharge process. The
initial specific capacity of SnO2 thin film anode reached ~642 mAh g−1, which decreased
to ~400 mAh g−1 and ~200 mAh g−1 after 100 and 250 cycles, respectively. The SnO2
thin film anode rendered a stable specific capacity of ~200 mAh g−1 from 250 to 6500
charge/discharge cycles. These results suggest that the utilization of SnO2 thin film as
an anode in LIBs leads to excellent cyclic performance with a moderate specific capacity,
which lays a solid foundation for the outstanding performance of SnO2 nanoarray anode.
Indeed, as shown in Figure 3c, the discharge/charge plateaus of SnO2 nanoarray anode
during the first cycle are located at the same positions as SnO2 thin film. Moreover, the
initial discharge capacity of SnO2 nanoarray reached 1082 mAh g−1 and maintained at
700 mAh g−1, 600 mAh g−1 and 300 mAh g−1 after 300, 600, and 1500 charge/discharge
cycles, respectively, suggesting a remarkable improvement in electrochemical performance
and cyclic stability of SnO2 nanoarray. As presented in Figure S2, the superior electro-
chemical performance can be attributed to the unique architecture of SnO2, where highly
ordered SnO2 nanopillar array provided adequate room for volumetric expansion and
ensured structural integrity during the lithiation/delithiation process.

The excellent cyclic stability is further verified by carrying our charge/discharge
cycling at the current density of 2 C (Figure 3d). In the case of SnO2 thin film, the re-
versible specific capacity was first dropped from 642 mAh g−1 to 402 mAh g−1 after 20
discharge/charge cycles and then, the specific capacity was further dropped to about
180 mAh g−1 during 100–250 discharge/charge cycles, which remained stable until the
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6500th charge/discharge cycle. These results suggest that the SnO2 thin film can be used as
an anode, which renders a stable but moderate specific capacity. Furthermore, the highly
arrayed SnO2 nanopillar delivered long cycling performance and improved reversible
specific capacity. As shown in Figure 3d, under the same current density of 2 C, the initial
specific capacity of SnO2 nanoarray was found to be 1082 mAh g−1, which dropped to
752 mAh g−1 during the 2nd charge/discharge cycle.

Interestingly, the specific capacity increased to 832 mAh g−1 at the 300th discharge/
charge cycle after a slow decay, which is even higher than the 2nd reversible capacity.
A possible reason for such an anomaly is that the thick SEI layer was exfoliated due to
the high surface stress during the reactivation process. Subsequently, a fresh and thin
SEI layer is formed [33], which can be partly confirmed from the detailed discussion of
electrochemical impedance spectroscopy (Figure S3). The newly formed thin SEI layer is
more stable than the previous thick SEI layer, which can bear severe volumetric change and
fracture, resulting in improved Li storage capacity and longer cycling life [34]. Note that
the stable charge-transfer resistance (Rct) of SnO2 in Figure S3 reveals the well-maintained
interface between SnO2 nanoarray and substrate. Indeed, as shown in Figure 3d, the
specific capacity of SnO2 nanoarray gradually decreased and became stable at 524 mAh g−1

during the 300th to 1100th charge/discharge cycles. The attained specific capacity is two
times higher than the SnO2 thin film. With further cycling, the reversible specific capacity
stabilized at ~313 mAh g−1 from 2000th to 6500th cycles, demonstrating the long cycling
life and high capacity of binder-free SnO2 nanoarray anode.

A range of current densities, i.e., 0.5 C to 16 C, was selected to investigate the cyclability
of SnO2 nanoarray and SnO2 thin film anodes. Overall, the SnO2 thin film delivered a
lower discharge capacity than SnO2 nanoarray, as shown in Figure 4a. In the case of SnO2
thin film, the discharge specific capacity decreased with increasing current density from
440 mAh g−1 at 0.5 C to 314 mAh g−1 at 16 C. The SnO2 thin film could not recover the
initial capacity when the current density was reduced after high-rate cycling, which can
be ascribed to structural failure of SnO2 thin film. On the other side, the SnO2 nanoarray
anode rendered a high discharge capacity of 536 mAh g−1 at 0.5 C and 414 mAh g−1 at 16 C.
More importantly, the SnO2 nanoarray maintained a reversible capacity of 520 mAh g−1

and 517 mAh g−1, under 1 C, after 100th and 160th cycles after high rate cycling at 16 C,
indicating the excellent rate capability of nanoarray architecture. The difference in rate
performance of the SnO2 thin film and SnO2 nanoarray can be attributed to the architectural
differences, where the highly arrayed SnO2 nanopillar enjoy enough space to alleviate
volumetric expansion and ensure structural stability during the charge/discharge process.

Furthermore, we studied the rate capability of SnO2 nanoarray at extremely high
current densities, ranging from 2 C to 64 C. As shown in Figure 4b, the SnO2 nanoarray
delivered a specific capacity of 530, 471, 442, 398, and 354 mAh g−1 at the current density
of 2 C, 4 C, 8 C, 16 C, and 32 C during the 1st to 50th cycle, as well as a reversible specific
capacity of 556, 498, 448, 404 and 354 mAh g−1 at 2 C, 4 C, 8 C, 16 C and 32 C during
50th and 100th cycle, suggesting the high-rate capability of SnO2 nanoarray. Moreover, at
an ultrahigh current density of 64 C, the SnO2 nanoarray delivered a specific capacity of
~278 mAh g−1 during the 140th and 150th cycle (Figure 4b) and then, recovered a high
specific capacity of 670 mAh g−1 at the current density of 2 C (200th cycle). These results
confirm that the SnO2 nanoarray anode can work under ultrahigh current densities and
possess remarkable rate capability. Lastly, the electrochemical performance of binder-free
SnO2 anode is compared with previously reported SnO2-based anodes [14,24,31,35–37], as
shown in Figure 4c, demonstrating the superior Li storage capacity and high-rate capability
of the as-fabricated SnO2 nanoarray. The superior electrochemical performance of SnO2
nanoarray can be attributed to the unique architecture of SnO2, where highly ordered SnO2
nanopillar array provided adequate room for volumetric expansion and ensured structural
integrity during the lithiation/delithiation process. It also should note that the other two
points may also play important role for our SnO2 nanoarray to resist the 300% volumetric
change during charge/discharge process. First, we fabricate SnO2 nanopillar based on
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PLDcan ensure excellent contact between SnO2 and Cu, but it will also bring a strong
substrate constraint from the Cu substrate to SnO2, which will greatly clamp the volume
expansion of SnO2 along lateral direction, making the volumetric change less than 300%.
Moreover, the obtained SnO2 nanopillars usually are not in uniform cylindrical shape when
we use AAO-assisted PLD, as we schematic shown in Figure 1a, the top parts (away from
interface of SnO2 and Cu) of SnO2 nanopillars usually prefer to appear in pyramid shape,
such unique architecture provide more room and multiple routes for the expansion of SnO2
nanopillars.
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4. Conclusions

In summary, we have fabricated a well-oriented and binder-free SnO2 nanopillar array
as an anode electrode for LIBs. The as-synthesized SnO2 nanoarray anode rendered supe-
rior Li storage capacity of 1082 mAh g−1 and excellent cyclic stability (~313 mAh g−1 after
6500 charge/discharge cycles). Moreover, the SnO2 nanoarray demonstrated ultrahigh rate
capability, i.e., the capacity of ~278 mAh g−1 at the current density of 64 C, outperforming
the previously reported binder-free SnO2-based anodes. The superior electrochemical
performance of SnO2 nanoarray can be attributed to the unique architecture of SnO2, where
the highly arrayed SnO2 nanopillar provided adequate room for volumetric expansion and
ensured structural integrity during the lithiation/delithiation process. The fabrication of
SnO2 nanoarray presents an effective approach to enhance the energy density and rapid
charge/discharge capability of LIBs.

Supplementary Materials: The following are available online at https://www.mdpi.com/article/
10.3390/nano11051307/s1, Figure S1: Cyclic voltammetry curves of SnO2 thin films at scan rate
0.2 mV s−1, Figure S2: Top-view SEM images. (a,b) the top-view SEM images of as-deposited (a)
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SnO2 thin film and (b) after 5 discharge/charge cycles; (c,d) the top-view SEM images of as-deposited
(c) SnO2 nanopillar array and (d) after 5 discharge/charge cycles, Figure S3: (a,b) the nyquist plots of
SnO2 nanoarray (a) and thin film (b) at 20th, 50th, 400th cycles.
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Abstract: Embedding silicon nanoparticles in an intermetallic matrix is a promising strategy to pro-
duce remarkable bulk anode materials for lithium-ion (Li-ion) batteries with low potential, high elec-
trochemical capacity and good cycling stability. These composite materials can be synthetized at
a large scale using mechanical milling. However, for Si-Ni3Sn4 composites, milling also induces a
chemical reaction between the two components leading to the formation of free Sn and NiSi2, which is
detrimental to the performance of the electrode. To prevent this reaction, a modification of the surface
chemistry of the silicon has been undertaken. Si nanoparticles coated with a surface layer of either
carbon or oxide were used instead of pure silicon. The influence of the coating on the composition,
(micro)structure and electrochemical properties of Si-Ni3Sn4 composites is studied and compared
with that of pure Si. Si coating strongly reduces the reaction between Si and Ni3Sn4 during milling.
Moreover, contrary to pure silicon, Si-coated composites have a plate-like morphology in which
the surface-modified silicon particles are surrounded by a nanostructured, Ni3Sn4-based matrix
leading to smooth potential profiles during electrochemical cycling. The chemical homogeneity of the
matrix is more uniform for carbon-coated than for oxygen-coated silicon. As a consequence, different
electrochemical behaviors are obtained depending on the surface chemistry, with better lithiation
properties for the carbon-covered silicon able to deliver over 500 mAh/g for at least 400 cycles.

Keywords: Li-ion batteries; anodes; intermetallics; silicon; composites; nanomaterials; coating;
mechanochemistry

1. Introduction

The rapid development of portable electronics, Electric Vehicles (EVs) and renewable
energies requires light, safe and high-capacity rechargeable energy storage devices such
as lithium-ion (Li-ion) batteries, one of the most efficient electrochemical storage systems
today [1]. However, Li-ion batteries still need to be improved regarding design, electrode
capacities and electrolyte stability [2]. Carbon-based anode materials are cheap and easy
to prepare but suffer from moderate capacity (372 mAhg−1 for graphite), which remains
a limitation for the development of high-energy density storage [3]. Moreover, graphite
suffers from parasitic reaction with the liquid electrolyte during charging and discharging
processes to form the so-called Solid Electrolyte Interface (SEI), growth of which is detri-
mental for the stability and the capacity of the battery [4]. Therefore, new anode materials
are required for the development of high-capacity Li-ion batteries.

Three main types of anode materials are currently envisaged for the replacement of
graphite. Firstly, there are novel carbonaceous-based materials such as carbon nanotubes,
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carbon nanospheres, graphene and porous graphitic carbon [5–8]. Secondly, there are
conversion-type transition metal compounds such as transition metal oxides, sulphides,
selenides, fluorides, nitrides, phosphides and hydrides [9,10], and finally, there are silicon
and tin-based anodes [11,12].

Pure p-type elements like Si or Sn are considered as promising to develop negative
electrodes for Li-ion batteries [12–14]. Indeed, they can both be lithiated [15] to form
binary compounds (Li4.4Sn and Li3.75Si) with very large electrochemical capacities (994
and 3600 mAhg−1, respectively) [12,16,17]. In addition to their high theoretical capacity,
these elements have low potential and environmental friendliness. However, Si electrodes
suffer from severe volume expansion during lithiation (up to 400%) [18]. Such swelling
induces several drawbacks from the very first cycles like amorphization, delamination and
capacity degradation, which are unfavorable for long term cycling [19–21].

To overcome these drawbacks, embedding the capacitive elements in a metallic matrix
able to provide good electronic conductivity and to hold the volume changes is a beneficial
solution [22]. This can be done with binary compounds having one element reacting with
Li when the other one remains inactive, like for Ni3Sn4 [23–25], Cu6Sn5 [26], CoSn2 [27],
FeSn2 [12], NiSi2 [28] or TiSi2 [29].

Following this concept, our group thoroughly investigated composites of general
formulation Si-Ni3.4Sn4-Al-C prepared via mechanochemistry [30–32]. They consist of
submicronic silicon particles embedded in a nanostructured matrix made of Ni3.4Sn4,
aluminum and graphite carbon. As reported by [33], low aluminum content (~3 wt.%)
improves the cycle life of Si-Sn-type anodes. Carbon addition acts as a Process Control
Agent (PCA), minimizing reactivity between Si and Ni3.4Sn4 on milling [30]. These compos-
ites take advantage of the high capacities of silicon and tin, the good ionic and electronic
conductivity of the matrix and its elastic properties to manage volume expansion. Further
improvement for these composites can be foreseen by playing with the surface chemistry
of the silicon particles [34,35].

In the present work, we investigate an alternative approach to PCA addition on
milling that consists of modifying the surface chemistry of the silicon particles used for
the composite synthesis. The Si surface is covered either with a carbonaceous or an oxide
layer. Structural, morphological and electrochemical properties of these surface-modified
silicon composites have been fully characterized and compared to those of non-modified
Si. These new composites have very different properties, giving the best electrochemical
performances for the carbon-coated silicon.

2. Materials and Methods

Three composites of Si-Ni3.4Sn4-Al were prepared using mechanochemistry of inter-
metallic Ni3.4Sn4 (75 wt.%), Al (3 wt.%) and three different kinds of silicon (22 wt.%): bare
silicon, carbon- and oxide-coated silicon. Bare Si was provided by SAFT (purity 99.9%) as a
reference for this work and is hereafter labelled as SiR. The second Si precursor, labelled
as SiC, was provided by Umicore. Silicon particles were coated with carbon via Chemical
Vapor Deposition (CVD) at 800 ◦C for 3 h. The third one (SiO) was purchased from MTI
Corporation (CA, USA) as pure silicon. However, chemical analysis revealed that the
particles were covered by a thin oxide layer. They were thus fully characterized regarding
their surface chemistry and used as a Si-surface oxidized precursor (SiO). These three
Si-precursors were used to synthetize the composites (Si-Ni3.4Sn4-Al) via ball milling of Si,
Ni3.4Sn4 (99.9%, ≤125 µm, home-made) and Al (99%, ≤75 µm, Sigma-Aldrich, Saint-Louis,
USA) powders for 20 h under an inert atmosphere. Further details on intermetallic Ni3.4Sn4
and composite synthesis can be found in [30–32]. No addition of carbon graphite in the
milling jar as PCA was used for the current investigation. The obtained composites are
labelled as SiR-NiSn, SiC-NiSn and SiO-NiSn, respectively.

X-Ray Diffraction (XRD) analysis of Si powders and composite materials was done
with a Bruker D8 θ-θ diffractometer (Karlsruhe, Germany) using Cu-Kα radiation, in a 2θ
range from 20 to 100◦ with a step size of 0.02◦. Diffraction patterns were analyzed using
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the Rietveld method using the FULLPROF package [36]. Morphology of the composites
was studied using Scanning Electron Microscopy (SEM) using a SEM-FEG MERLIN from
Zeiss (Jena, Germany). Images were acquired from either Secondary Electrons (SE) or Back-
Scattered Electrons (BSE) to provide information on particle morphology as well as phase
distribution. Microstructural and chemical properties were analyzed using Transmission
Electron Microscopy (TEM) with a Tecnai FEI F20 ST microscope (Hillsboro, OR, USA)
providing high spatial resolution imaging of the scale morphology as well as chemistry
via Energy-Dispersive X-ray spectroscopy (EDX) analyses. Images were taken in both
bright and dark fields. Elemental mapping analysis was carried out using EDX analysis in
Scanning Transmission Electron Microscopy (STEM) mode and via Electron Energy Filtered
Transmission Electron Microscopy (EFTEM). The samples were prepared by mixing the
composite with Cu powder, followed by cold-rolling and thinning with argon ions in a
GATAN precision ion polishing system.

Electrochemical measurements were carried out via galvanostatic cycling in half-
coin type cells. A working electrode was prepared by mixing 40 wt.% of the 20-h-milled
composite sieved under 36 µm, 30 wt.% of carboxymethyl-cellulose (CMC) binder and
30 wt.% of carbon black. Low loading of active material was adopted to avoid limitations
on electrochemical performance due to electrode formulation. Metallic lithium was used
as counter negative electrode separated by a 1 M solution electrolyte of LiPF6 dissolved in
Ethylene Carbonate (EC)/Propylene Carbonate (PC)/Dimethyl Carbonate (DMC) (1:1:3
v/v/v), supported by a microporous polyolefin Celgard™ membrane and a nonwoven
polyolefin separator. The EC/PC/DMC mixture of carbonate-based solvent was selected
based on its outstanding physico-chemical properties [37]. The battery was assembled in an
argon filled glove box. The experiments were performed using a Biologic (Seyssinet-Pariset,
France) potentiostat instrument. To ensure full electrode lithiation, cells were cycled at
C/50 for the first cycle, with a voltage window comprised between 0 and 2 V vs. Li+/Li,
and at C/20 for the second and third cycles, with a voltage window comprised between
70 mV and 2 V vs. Li+/Li. The cut-off voltage of 70 mV was imposed to avoid the formation
of crystalline Li15Si4 phase [38]. For all subsequent cycles, the kinetic regime was increased
to C/10 to accomplish long-term cycling studies (up to 400 cycles) in a reasonable time
duration and with a voltage window comprised between 70 mV and 2 V. Reference cycles
at a rate of C/20 were done at second and third cycles and after every 20 cycles. Only the
first and reference cycles are reported in this paper.

3. Results
3.1. Chemical and Microstructural Characterization
3.1.1. Characterization of Bare and Surface-Modified Si Nanopowders

The XRD pattern of the SiR sample is displayed in Figure S1a (Supplementary Materi-
als (SM)). All peaks can be indexed in the cubic space group Fd-3m with lattice constant
a = 5.426± 2 Å, slightly smaller than the well-crystallized silicon standard (a = 5.430 Å [39]).
The measured crystallite size deduced from the diffraction peak linewidths is 16 ± 2 nm.
SEM images reveal that the SiR powder has an interconnected worm-like morphology
(Figure S1b). When observed using TEM, round particles with an average size of 180 nm
are observed (Figure S1c). EFTEM analysis shows pure Si material with minor traces of
oxygen at the surface (Figure S1d).

The SiC particles were chemically analyzed and contained Si (68 wt.%), C (30 wt.%)
and O (2 wt.%). The Rietveld analysis of XRD patterns of SiC is shown in Figure S2a.
The main phase is silicon (a = 5.429 ± 2 Å, space group Fd-3m). The crystallite size
is 79 ± 3 nm. A small and broad peak around 25◦-2θ is attributed to the presence of
poorly crystallized graphite (Figure S2a). SEM analysis reveals that the SiC powder is
made of large agglomerates (10 to 100 µm) of primary spherical particles (Figure S2b).
The particles were further investigated via TEM, confirming their spherical morphology
(Figure S2c). In addition, TEM images show that the particles have an average size of
50 nm and are covered by a thin layer measuring a few nanometers (~10 nm) (Figure S2d).
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Elemental mapping indicates that the core of the particle is made of silicon surrounded
by a thin carbon shell. At the interface, a composition gradient exists revealing a possible
formation of silicon carbide SiC, assuring the chemical bonding between the two elemental
layers.

The SiO particles were analyzed using XRD, showing that the main phase is silicon
(cubic phase; a = 5.426 ± 2 Å; space group Fd-3m) with a crystallite size around 26 ± 1 nm
(Figure S3a). SEM analysis shows that the powder is made of large agglomerates up
to 50 µm formed by primary submicrometric rounded particles (Figure S3b). From TEM
analysis, it is observed that the primary particles are spherical with an average size of 70 nm
(Figure S3c). Elemental analysis indicates a core of silicon surrounded by a shell containing
both oxygen and silicon, which is attributed to the formation of SiO2 (Figure S3d). A rough
estimation based of the relative sizes of the core (58 nm in diameter) and the shell (6 nm
thick) as well as the crystal densities of Si (2.33 g/cm3) and SiO2 (2.65 g/cm3) leads to a
global oxygen content in the SiO sample of 25 wt.%.

To summarize, Figure 1 displays TEM elemental mapping for the three types of Si
nanopowders used in this study: bare Si, showing minor traces of oxygen at the surface,
carbon-coated Si with a 10-nm-thick carbonaceous layer and oxide-coated Si with a 6-nm-
thick SiO2 oxide shell.
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Figure 1. Transmission Electron Microscopy (TEM) images and elemental mapping of Si nanoparticles used as precursors
for composite synthesis. (a) bare Si, SiR (Si in green, oxygen traces in red), (b) carbon-coated Si, SiC (Si in yellow, carbon in
red) and (c) oxide-coated Si, SiO (Si in green, oxygen in red).

3.1.2. Characterization of the Composite Materials

Three composites, SiR-NiSn, SiC-NiSn and SiO-NiSn, were synthetized using the
previously analyzed silicon nanopowders. The weight and atomic compositions of the
composites are given in Table 1. The amount of carbon and oxygen for each composite are
estimated from the chemical analysis of the surface-modified Si particles assuming a shell
of pure C for SiC and a shell of SiO2 for SiO.

Table 1. Compositions of SiR-NiSn, SiC-NiSn and SiO-NiSn composites.

Composites Weight Composition Atomic Composition

SiR-NiSn Si0.22Ni0.22Sn0.53Al0.03 Si0.46Ni0.22Sn0.26Al0.06
SiC-NiSn Si0.15Ni0.22Sn0.53Al0.03C0.07 Si0.26Ni0.18Sn0.22Al0.06C0.28
SiO-NiSn Si0.17Ni0.22Sn0.53Al0.03O0.06 Si0.32Ni0.20Sn0.24Al0.05O0.19

Evolution of the diffractograms for the three composites as a function of milling
time between 1 and 20 h is shown in Figure S4. For SiR-NiSn, diffraction peaks of the
intermetallic precursor Ni3.4Sn4 progressively disappear, Si peaks broaden and new peaks
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due to Sn formation appear. For SiC-NiSn, diffraction peaks of Ni3.4Sn4 and Si are preserved
though undergoing significant line broadening. A minor contribution of Sn formation is
detected. Finally, for SiO-NiSn, Ni3.4Sn4 and Si are mostly preserved, but compared to the
SiC-NiSn composite, peak broadening for the intermetallic precursor is less pronounced and
a secondary intermetallic phase of Ni3Sn4 with lower Ni-content than that of the pristine
precursor Ni3.4Sn4 is formed. A minor contribution of Sn formation is also detected.

The XRD diffraction patterns for the 20-h-milled composites are displayed in Figure 2.
Rietveld analysis is provided in Figure S5 and collected crystal data are gathered in Table 2.
For the composite made with bare Si, SiR-NiSn, major phases are Sn (43 ± 1 wt.%) and
NiSi2 (35 ± 1 wt.%). These phases result from a mechanically-induced chemical reaction
between the milling precursors Ni3.4Sn4 and Si. In contrast, for the coated composites
SiC-NiSn and SiO-NiSn, the main phase remains Ni3+xSn4-type (~85 wt.%) evidencing
minor chemical reaction between Ni3.4Sn4 and Si on milling. Indeed, after 20 h of milling,
the content of Sn byproduct in the Si-coated composites is as low as ~3 wt.%. Nonetheless,
it is worth noticing that for the SiO-NiSn composite, almost half of the pristine intermetallic
precursor Ni3.4Sn4 (34 ± 2 wt.%) diminishes in Ni-content to form Ni3Sn4. In addition,
note that the crystallite size for Ni3.4Sn4 is much smaller for SiC-NiSn (7 ± 2 nm) than for
SiO-NiSn (39 ± 3 nm).
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20 h of milling. Position of diffraction lines for Sn, Si, NiSi2, Ni3Sn4 and Ni3.4Sn4 phases as reported
in Pearson’s crystal data base [40] are shown in the bottom part of the figure.
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Table 2. Crystallographic data for the SiR-NiSn, SiC-NiSn and SiO-NiSn composites after 20 h of milling as determined from Rietveld
analysis. Ni over-stoichiometry (x) in Ni3+xSn4 and crystallite size (L in nm) for all phases are given. Standard deviations refereed to
the last digit are given in parenthesis.

Sample Phases
Content
(wt.%) S.G.

Cell Parameters x in
Ni3+xSn4

L
(nm)

RB Rwp
a (Å) b (Å) c (Å) β(◦)

SiR-
NiSn

Ni3Sn4 9(1) C2/m 12.199 * 4.0609 * 5.2238 * 105.17 * 0* 10 * 6.8

9.7Si 13(1) Fd-3m 5.430 * 15(2) 2.5

Sn 43(1) I41/amd 5.8303(2) 3.1822(1) 27(1) 2.7

NiSi2 35(2) Fm-3m 5.4731 (5) 5(1) 3.6

SiC-
NiSn

Ni3.4Sn4 85(2) C2/m 12.357 (3) 4.060(1) 5.201(2) 104.31(2) 0.45(9) 7(2) 2.4

4.8Si 12(1) Fd-3m 5.431(1) 30(2) 5.2

Sn 2(1) I41/amd 5.8303 * 3.1822 * 27 * 4.5

NiSi2 1(1) Fm-3m 5.4731 * 5 * 2.4

SiO-
NiSn

Ni3.4Sn4 49(2) C2/m 12.448(2) 4.079(1) 5.209(1) 103.62(1) 0.4 * 39(3) 7.1

7.8
Ni3Sn4 34(2) C2/m 12.248(3) 4.046(1) 5.201(1) 104.88(1) 0 * 14(2) 5.9

Si 12(2) Fd-3m 5.433(2) 19(2) 13.3

Sn 4(1) I41/amd 5.8303 * 3.1822 * 27 * 4.7

NiSi2 1(1) Fm-3m 5.4731 * 5 * 17.3

* fixed values.

The morphology of the three composites after 20 h of milling was examined using SEM
and is displayed in Figure 3. The composite SiR-NiSn consists of micrometric-size round-
shaped particles (Figure 3a). The composite particles contain phase domains of dark tonality
attributed to silicon nanoparticles [30] embedded in a light-grey matrix which is chemically
homogeneous at the spatial resolution (~50 nm) of the BSE analysis (Figure 3b). In the case
of material ground with SiC, SEM-SE analysis (Figure 3c) shows that the composite particles
are in the form of micrometer-sized platelets. SEM-BSE analysis (Figure 3d) reveals that the
platelets are formed by particles with dark tonality (attributed to silicon) surrounded, as for
the previous composite, by a chemically homogeneous light-grey matrix. Note that the silicon
particle size (dark domains) is comparable for SiR-NiSn and SiC-NiSn composites. There are
also brighter areas attributed to some Ni3+xSn4 domains of micrometric size. Figure 3e,f
show the SEM images for SiO-NiSn composite. The composite particles also form platelets
in the micrometric range. In the BSE-SEM image (Figure 3f), it is observed that the phase
distribution within the particles is very inhomogeneous. There are very dark areas attributed
to agglomerates of silicon particles and other areas with two different grayscales ascribed to
the intermetallic Ni3+xSn4 phase.
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The morphology of the three composites after 20 h of milling was examined using 
SEM and is displayed in Figure 3. The composite SiR-NiSn consists of micrometric-size 
round-shaped particles (Figure 3a). The composite particles contain phase domains of 
dark tonality attributed to silicon nanoparticles [30] embedded in a light-grey matrix 
which is chemically homogeneous at the spatial resolution (~50 nm) of the BSE analysis 
(Figure 3b). In the case of material ground with SiC, SEM-SE analysis (Figure 3c) shows 
that the composite particles are in the form of micrometer-sized platelets. SEM-BSE anal-
ysis (Figure 3d) reveals that the platelets are formed by particles with dark tonality (at-
tributed to silicon) surrounded, as for the previous composite, by a chemically homoge-
neous light-grey matrix. Note that the silicon particle size (dark domains) is comparable 
for SiR-NiSn and SiC-NiSn composites. There are also brighter areas attributed to some 
Ni3+xSn4 domains of micrometric size. Figure 3e,f show the SEM images for SiO-NiSn com-
posite. The composite particles also form platelets in the micrometric range. In the BSE-
SEM image (Figure 3f), it is observed that the phase distribution within the particles is 
very inhomogeneous. There are very dark areas attributed to agglomerates of silicon par-
ticles and other areas with two different grayscales ascribed to the intermetallic Ni3+xSn4 
phase. 
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dissolved upon grinding. However, carbon mapping should be considered with caution 
as carbon deposition is likely to occur under the electron beam. Complementary high-
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by Rietveld refinement for the two main phases: about 30 nm for silicon (red area) and 
8 nm for the Ni-Sn phase (black area). 

Figure 3. Scanning Electron Microscopy (SEM) images for SiR-NiSn (a,b) SiC-NiSn (c,d) and SiO-NiSn (e,f) composites.
Images were taken in either Secondary Electrons (SE) (a,c,e) or Back-Scattered Electrons (BSE) (b,d,f) modes.

To get a more accurate analysis of the chemically-homogeneous matrix in SiR-NiSn and
SiC-NiSn composites, TEM analyses were performed (Figure 4). For the composite SiR-NiSn
(Figure 4, top), Si nanoparticles are surrounded by all elements. There is not a complete
spatial correlation between Ni and Sn signals, which corroborates the decomposition of
Ni3.4Sn4 as observed using XRD (Figure 2), leading to the formation of free Sn at the
nanoscale. The analysis of the SiC-NiSn composite (Figure 4, bottom) shows that the silicon
particles are surrounded by a homogeneous matrix that contains Ni, Sn, C and Al. The Ni
and Sn signals are spatially correlated indicating the presence of the Ni-Sn intermetallic
at the nanometer scale in agreement with XRD results (Figure 2, Table 2). No preferential
distribution of carbon is seen around the silicon particles: the carbon layer may have been
dissolved upon grinding. However, carbon mapping should be considered with caution
as carbon deposition is likely to occur under the electron beam. Complementary high-
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resolution TEM analysis (Figure S5) confirms the size of the coherent domains calculated
by Rietveld refinement for the two main phases: about 30 nm for silicon (red area) and
8 nm for the Ni-Sn phase (black area).
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cling for the three composites is shown in Figure 6. For all composites, a significant capac-
ity decay is observed during the first three activation cycles. Then, for the bare SiR-NiSn 
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210 mAh/g at cycle 200. In contrast, for the coated composites the capacity remains stable 

Figure 4. TEM images and elemental mapping for SiR-NiSn ((top), Electron Energy Filtered Transmission Electron Mi-
croscopy (EFTEM) mapping) SiC-NiSn ((bottom), STEM-EDX mapping).

3.2. Electrochemical Characterization

Figure 5 displays the potential profiles of the three studied Si-NiSn composites for the
first and third cycles. At the first cycle, discharge (lithiation) profiles show a shoulder at
1.25 V attributed to the formation of the Solid Electrolyte Interface (SEI). Then, the potential
profiles gradually decrease down to 0 V, showing several steps (~0.65, 0.40 and 0.35 V)
for SiR-NiSn, while the coated SiC-NiSn and SiO-NiSn composites have smooth potential
profiles. Among the three composites, SiC-NiSn has the lowest polarization potential.
The first lithiation capacity is much lower for the oxide-coated SiO-NiSn (685 mAh/g) than
for SiR-NiSn and SiC-NiSn (950 and 1195 mAh/g, respectively). On charge (delithiation),
either smooth or staircase potential profiles are again observed for coated (SiC-NiSn and
SiO-NiSn) and bare (SiR-NiSn) composites, respectively. At the third cycle, potential profiles
show no evidence of SEI formation, and similarly to the 1st cycle, they are smooth for the
coated composites while the bare composite has a staircase potential profile.
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The evolution of reversible capacities (delithiation) and coulombic efficiency on cy-
cling for the three composites is shown in Figure 6. For all composites, a significant capacity
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decay is observed during the first three activation cycles. Then, for the bare SiR-NiSn com-
posite, the capacity gradually decreases from 400 mAh/g at cycle 25 down to 210 mAh/g
at cycle 200. In contrast, for the coated composites the capacity remains stable on cycling
after activation, being significantly higher for SiC-NiSn than for SiO-NiSn. After 400 cycles,
their reversible capacities are 505 and 215 mAh/g, respectively. As for the coulombic
efficiency, εc (Figure 6b), it strongly depends on the composite at the first cycle. It ranges
between 68% for oxide-coated SiO-NiSn and 83% for the carbon-coated SiC-NiSn composite.
For the next cycles, the coulombic efficiencies drastically increase for all composites with
typical values above 99.5%.
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To summarize, from the three studied composites, SiC-NiSn exhibits the best electro-
chemical properties with a reversible capacity exceeding 500 mAh/g over 400 cycles. It has
a reasonable initial coulombic efficiency of 83%, which increases to an average value of
99.6% between reference cycles 3 to 400.

4. Discussion

In this work, silicon nanoparticles with bare and chemically modified surfaces (with
either C or O) have been used to prepare composites of Si-Ni3.4Sn4-Al using mechanical
milling. Bare Si nanoparticles used as reference, SiR, have an average size of 180 nm
and contain minor traces of oxygen at the surface. The surface-modified Si-particles are
nanometric (around 50–70 nm) and exhibit a core-shell structure with a shell thickness of
10 and 6 nm for SiC and SiO, respectively. Chemical analyses show that, for SiC, the shell is
mainly composed of carbon representing 30 wt.%C, whereas the shell chemistry of SiO is
identified as a silicon oxide with 46 wt.% of SiO2, i.e., 25 wt.% of oxygen.

The chemical, microstructural and electrochemical properties of the Si-NiSn composites
prepared with the different types of Si nanoparticles are summarized in Table 3. The ground
composites consist of micrometer-sized particles that are round for bare silicon, SiR, but turn
to be platelet-like when using coated silicon SiO and SiC. Differences in composite morphol-
ogy are ascribed to the fact that the Si surface chemistry plays a major role in the phase
composition upon milling. Indeed, for coated Si, the major phase is the intermetallic Ni3+xSn4,
while Sn is the major phase when using bare Si. Formation of tin on milling results from the
reaction

6Si + Ni3Sn4
milling→ 3NiSi2 + 4Sn (R1)

which produces NiSi2 in addition as a secondary phase. The stoichiometry of the Ni3+xSn4
phase is not considered here for the sake of simplicity. The occurrence of ductile Sn favors
the formation of round-shaped particles on milling [41].
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Table 3. Summary of the chemical, microstructural and electrochemical properties of the three composites SiR-NiSn, SiC-NiSn
and SiO-NiSn.

Composites SiR-NiSn SiC-NiSn SiO-NiSn

Composition (wt.%) Si0.22Ni0.22Sn0.53Al0.03 Si0.15Ni0.22Sn0.53Al0.03C0.07 Si0.17Ni0.22Sn0.53Al0.03O0.06
Composition (at.%) Si0.46Ni0.22Sn0.26Al0.06 Si0.26Ni0.18Sn0.22Al0.06C0.28 Si0.32Ni0.20Sn0.24Al0.05O0.19

Main phase (XRD; wt.% ±x) Sn (43 ± 1) Ni3+xSn4 (85 ± 2) Ni3+xSn4 (83 ± 3)
Matrix phase distribution Homogeneous Homogeneous Heterogenous

Particles morphology Round-shaped Platelets Platelets
Sn phase (XRD; wt.% ±x) 43 ± 1 2 ± 1 4 ± 1
Crystal size Ni3+xSn4 (nm) 9 7 14–39

Crystal size Si (nm) 15 ± 2 30 ± 2 19 ± 2
Potential profiles Staircase Smooth Smooth

Crev (1st cyc.; mAhg−1) 715 995 465
Crev (3rd cyc.; mAhg−1) 490 675 320
Crev (mAhg−1)@cycle# 210@cycle200 505@cycle400 215@cycle400

εC (1st cycle; %) 75 83 68
εC (aver. 3–400 cycles; %) - 99.6 99.8

Clearly, Si coating minimizes reaction R1, preserving the initial reactants, Si and Ni3.4Sn4,
by avoiding direct contact between the two phases on milling. However, reaction R1 is not
fully suppressed on prolonged milling since 2 and 4 wt.% of Sn are detected using XRD
for SiC and SiO, respectively. This reveals that carbon coating is more efficient than the
oxide one, which is further supported by the fact that the stoichiometry of Ni3+xSn4 remains
constant for the SiC-NiSn composite while it is partially altered for SiO-NiSn (Table 2) [38].
The lower efficiency of the oxide coating to minimize the reaction between Si and Ni3.4Sn4
can be tentatively attributed to its small thickness (6 nm) and to the fact that the coating
also contains Si in the form of SiO2. Interestingly, it should also be noted that carbon
coating not only minimizes Sn formation but also enhances the nanostructuration of the
Ni3+xSn4 phase. The crystallite size of Ni3+xSn4 is much smaller with the carbon coating
(crystallite size L ~ 7 nm) than for the oxide one (L ~ 14–39 nm). Thus, carbon coating allows
efficient nanostructuration of the matrix leading to good chemical homogeneity around the
Si nanoparticles (Figure 3).

The difference in chemical and microstructural properties between SiC-NiSn, SiO-NiSn
and SiR-NiSn composites lead to clearly distinct electrochemical behaviors, which are also
summarized in Table 3. The reference SiR-NiSn composite has staircase potential profiles,
moderate initial capacity and poor cycle-life. Oxide coating of Si nanoparticles leads to
smooth potential profiles and good cycle-life but at the expense of limited capacity. Finally,
carbon coating not only lead to smooth potential profiles but also to high capacity and
coulombic efficiency over hundreds of cycles. Smooth profiles are preferred to staircase
ones since the volume changes of the active materials induced by phase transformations
occur gradually for the former, minimizing mechanical degradation on cycling. A better
insight into the different electrochemical properties between the composites can be gained
at the light of the microstructural properties and through deep analysis of potential profiles
(Figure 5) by evaluating Differential Capacity Plots (DCPs).

Figure 7 displays the DCP plots for the three composites at the 1st, 3rd and 400 cycles.
For the first galvanostatic cycle of the bare SiR-NiSn composite (Figure 7a), four clear
reduction peaks of moderate intensity are observed at 0.66, 0.56, 0.42 and 0.34 V and a
broad additional one below 0.1 V. The first four peaks are attributed to lithiation of the
main phase (free Sn), whereas the latter one is assigned to the formation of Li-rich LiySi
and LizSn alloys [31]. In the anodic branch, four clear oxidation peaks are observed at 0.44,
0.58, 0.70 and 0.78 V, which are attributed to the decomposition of the different LizSn alloys
(Li7Sn2, Li5Sn2, LiSn and Li2Sn5) in agreement with previous reports [38,42]. The signal at
0.58 V is in fact a triplet due to the decomposition of three LizSn alloys of close composition:
Li13Sn5, Li5Sn2 and Li7Sn3 [42,43]. In addition, an anodic bump and a broad oxidation peak
can be observed at 0.32 and 0.46 V, which are attributed to the decomposition of amorphous
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Li3.16Si and Li7Si3 alloys, respectively [20,38,44]. The detected dQ/dV peaks for the first
galvanostatic cycle in the bare SiR-NiSn composite are consistent with the coexistence
of pure Si and Sn phases (Table 2). The width of the peaks is anticorrelated with the
crystallinity of the phases: anodic peaks due to decomposition of amorphous LiySi alloys
formed during the first composite lithiation [45] are wider than those of the crystalline
LizSn ones [46]. Interestingly, at the third cycle (Figure 7b), dQ/dV peaks attributed to
the formation and decomposition of LizSn alloys are sharper than those of the first cycle,
which suggests the coarsening of Sn domains on cycling [47]. This agglomeration favorizes
discrete volume changes, leading to electrode cracking [19] and severe capacity decay for
the bare SiR-NiSn composite, as observed in Figure 6a.
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The dQ/dV plot for the oxide-coated SiO-NiSn composite at the 1st cycle (Figure 7a)
displays two reduction peaks at 0.22 and 0.04 V which are assigned to the lithiation of
silicon oxide SiO2 and crystalline Si, respectively [45,48]. The anodic branch at the 1st
cycle is almost featureless with a broad peak at 0.46 V and a shoulder at ~0.59 V attributed
to decomposition of LizSn alloys, as well as two shoulders at 0.32 and 0.46 V assigned
to decomposition of the LiySi ones. The broadness of these signals is a signature of the
low crystallinity of the reacting phases for this composite. This strongly differs from the
well-defined oxidation peaks observed for SiR-NiSn, which evidences a different chemical
and microstructural state of Sn between the SiR-NiSn and SiO-NiSn composites. For SiR-
NiSn, free Sn is formed during ball milling (Table 2) with a crystallite size of 27 nm.
As mentioned before, free Sn likely coarsens due to agglomeration during electrochemical
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cycling. In contrast, for the SiO-NiSn composite, Sn remains alloyed with Ni in the form of
nanometric Ni3Sn4 intermetallic after ball milling. Upon lithiation/delithiation, Ni3Sn4
undergoes a reversible conversion reaction which can be expressed as [23,38,49]

Ni3Sn4 + 14Li↔ 2Li7Si2 + 3Ni (R2)

This conversion reaction ensures the nanostructured state of Sn-forming alloys, Ni3Sn4
and LizSn, on cycling [12]. It should be also noticed that very similar featureless anodic
branches are observed at cycles 3 (Figure 7b) and 400 (Figure 7c), which is concomitant
with the long-term cycling stability of SiO-NiSn (Figure 6a). As for the cathodic branch
at cycles 3 and 400, two broad peaks are detected at 0.24 and 0.19 V that are tentatively
attributed to the formation of poorly crystallized LizSn and LiySi alloys, respectively [31].
The sharp peak detected at 0.22 V at the 1st reduction attributed to the SiO2 lithiation is
not detected in subsequent cycles showing its irreversible behavior. Indeed, as reported by
Guo et al. [48], SiO2 can react with lithium through two reaction paths:

SiO2 + 4Li+ + 4e− → 2Li2O + Si (R3)

2SiO2 + 4Li+ + 4e− → Li4SiO4 + Si (R4)

The irreversibility of these reactions accounts for the low coulombic efficiency of
SiO-NiSn in the first cycle (68%, Figure 6b) [50] and explains the low reversible capacity of
this composite. In addition, the effect of the poor chemical homogeneity of the composite
matrix (Figure 3f) on the limited first lithiation capacity (685 mAh/g) of the SiO-NiSn
composite cannot be ruled out (Figure 5a).

Finally, the dQ/dV plots for the carbon-coated SiC-NiSn composite exhibit, as a general
trend, smooth traces both for cathodic and anodic branches and all over the 400 cycles
(Figure 7). At the first reduction, a unique clear peak below 0.1 V is detected and attributed
to formation of Li-rich LiySi alloys and the conversion reaction R2 for the major Ni3Sn4
phase. No signal of large SEI formation is observed, which concurs with the high initial
coulombic efficiency of this composite (87%). At the 1st oxidation, a broad peak at 0.46 V
is attributed to decomposition of LiySi alloys, while bumps at ~0.44 and 0.58 V can be
assigned to decomposition of LizSn alloys leading to the recovery of Ni3Sn4 [31]. At cycles
3 and 400, very similar and smooth curves are detected showing several bumps that point
out good and stable reversibility in the lithiation of Si and Ni3Sn4 counterparts of the
SiC-NiSn composite. It should be noted that the area under the dQ/dV plots is much larger
for SiC-NiSn than for SiO-NiSn showing the higher capacity of the former (Figure 6).

5. Conclusions

Modification of the Si surface chemistry clearly affects the chemical and microstruc-
tural properties of Si-Ni3.4Sn4-Al composites as anode materials in Li-ion cells. First, it plays
a protective role in the mechanochemical synthesis of the composite. This is indeed an
effective solution for limiting the reaction between silicon and Ni3.4Sn4 during grinding
and thus preventing the formation of detrimental free Sn. The milling process with Si-
coated particles leads to a platelet-like morphology of the composites for both oxide- and
carbon-coated silicon in contrast with the round-shaped one using bare silicon. However,
differences in the microstructure of the composite matrix are found as a function of the
surface chemistry, being chemically heterogeneous at the nanoscale for oxide coating while
it is homogeneous for the carbon one. This leads to a low lithiation capacity for oxide
coating and, moreover, low coulombic efficiency at the first cycle due to an irreversible
reaction between SiO2 and lithium. The use of carbon coating leads to a homogeneous
matrix surrounding Si nanoparticles leading to a high reversible capacity that keeps stable
after hundreds of cycles. Such an approach allows high performance materials usable as
anodes for high energy density batteries to be developed.
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Abstract: Establishing energy storage systems beyond conventional lithium ion batteries requires the
development of novel types of electrode materials. Such materials should be capable of accommodating
ion species other than Li+, and ideally, these ion species should be of multivalent nature, such as Al3+.
Along this line, we introduce a highly porous aerogel cathode composed of reduced graphene oxide,
which is loaded with nanostructured SnO2. This binder-free hybrid not only exhibits an outstanding
mechanical performance, but also unites the pseudocapacity of the reduced graphene oxide and
the electrochemical storage capacity of the SnO2 nanoplatelets. Moreover, the combination of both
materials gives rise to additional intercalation sites at their interface, further contributing to the total
capacity of up to 16 mAh cm−3 at a charging rate of 2 C. The high porosity (99.9%) of the hybrid
and the synergy of its components yield a cathode material for high-rate (up to 20 C) aluminum ion
batteries, which exhibit an excellent cycling stability over 10,000 tested cycles. The electrode design
proposed here has a great potential to meet future energy and power density demands for advanced
energy storage devices.

Keywords: aluminum ion batteries; reduced graphene oxide; tin dioxide; 3D electrode materials;
mechanical properties

1. Introduction

Electrochemical energy storage systems based on lithium ions are nowadays a well-established
concept, which enables the application of a broad spectrum of technologies, ranging from
microelectronics over portable electronic devices to even electrical cars. Such lithium ion batteries
(LIBs) offer excellent energy density and long-term stability. However, the limited lithium resources
paired with its high cost and safety hazards make LIBs only a medium-term solution. In the long
term, sustainable alternatives, e.g., other metal ion batteries [1], are more favorable. Researchers
have been investigating monovalent ion batteries, like sodium and potassium-based electrochemical
systems as alternatives [2,3], due to the high abundance and cost efficiency of these elements.
However, larger monovalent ions usually have a sluggish diffusivity and lower intercalation voltages
at similar energy densities (one electron per ion transfer). To improve the energy density of an active
material, electrochemical systems based on multivalent ion exchange have been in discussion among
researchers [4,5]. Among them, aluminum-based electrochemical systems have become one of the most
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promising candidates, owing to the aluminum’s natural abundance, low cost and inherent safety [6–9].
Moreover, the three-valent aluminum could significantly boost the energy storage capacity compared
to the single-valent lithium [10].

Establishing aluminum ion batteries (AIBs) requires the development of suitable electrolytes and
tailored electrode materials. Imidazole-based ionic liquids have already been identified as suitable
electrolytes, as they exhibit a low inner resistance, high solubility of the aluminum salt AlCl3 and
good electrochemical stability [11]. The search for cathode materials, however, is still ongoing, and is
among the most discussed current topics in this field [7,12]. One fundamental requirement for such a
material is its capability to intercalate Al3+ ions or chloroaluminate ions at a relatively high operating
potential [7]. In this respect, a promising candidate is graphite, with its layered structure that facilitates
the access of intercalating ions and provides sufficient space for them. Specifically, it was demonstrated
that graphite-based materials immersed in an imidazole-based electrolyte deliver storage capacities of
up to 60 mAh g−1 at a high current density of up to 2 A g−1 [13]. Other carbon-based materials, such as
carbon nanotubes or graphene/reduced graphene oxide (rGO), have likewise been tested as electrode
material for AIBs [7,8,14–17]. A storage capacity between 60 to 150 mAh g−1 could be achieved due
to the reversible intercalation of chloroaluminate ions. Regarding rGO electrodes, electrochemical
characterization further revealed an extremely high charging capability of up to 20 A g−1, delivering
capacities stable over thousands of cycles [16]. This enhanced electrochemical performance could
be ascribed to the material’s pseudocapacitive behavior [18], which arises from the adsorption of
chloroaluminate ions onto its surface. The micro/mesoporosity and large specific surface area thereby
promote the pseudocapacity, thus enabling a full charging process in minutes or even seconds.

A substantial advantage of pseudocapacitive materials, such as rGO, is that the main contribution
to their energy storage capability is attributed to the ion adsorption rather than the bulk ion-diffusion,
i.e., de-/intercalation. However, in comparison to LIBs, the intercalation or adsorption of negatively
charged aluminum complexes in graphitic materials is still relatively low concerning their gravimetric
capacity (<150 mAh g−1) and the energy density (<0.3 Wh g−1) [16]. In addition to graphitic materials,
electrochemically active materials, such as sulphur [19,20], sulphides [21–25], and oxides [26–28],
were investigated for their applicability in AIBs. Even though they showed great potential in
terms of their electrochemical storage capacity, they were often lacking in terms of cycling stability
or electrical conductivity, leading to capacity fading and short cycle life [12]. Among the oxides,
tin oxide (SnO2) stands out due to its high specific capacity (434 mAh g−1) [28], good electrical
conductivity (1–100 S cm−1) [29,30], and wide availability, although it has only been sparsely
investigated. Nevertheless, the combination of carbon-based materials and SnO2 has been reported
and investigated for LIBs [31,32]. The integration of SnO2 nanostructures into a flexible carbon-based
matrix has an essential impact of the electrodes performance and can be achieved for example by
thermal post treatment [33].

To unite the main properties of pseudocapacitors with those of batteries, thus presenting fast
charging rates and good cycling stability with a high storage capacity, the fabrication of hybrid
electrodes presents great potential. Moreover, tailoring the hybrid electrode’s microstructure to
maximize the specific surface area and shorten the diffusion paths could further boost the synergy of
ion adsorption and intercalation. In this work, we therefore united pseudocapacitive rGO nanosheets
with electrochemically active SnO2 nanoplatelets in highly porous, binder-free aerogel electrodes.
Their applicability as cathodes in novel AIBs was tested with respect to their mechanical and electrochemical
performance. This work shows that tailoring the porosity and surface area of carbon-based electrode
materials in combination with an electrochemically active material, enhances the mechanical stability
and the pseudocapacitive performance in AIB.
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2. Materials and Methods

2.1. Fabrication of the Single Components

Graphene oxide was synthesized employing a modified Hummers method [34] Here, 0.5 g
graphite flakes (NGS Naturgraphit GmbH) and 0.6 g KNO3 (Merck KGaA, Darmstadt, Germany) were
added to 23 mL of H2SO4 (Merck KGaA, Darmstadt, Germany, 98%) in a three-neck, round bottom flask,
which is placed in an ice bath. Constant stirring for 10 min was applied to ensure a good dispersion of
the graphite flakes in the H2SO4, whereas afterwards, 3 g KMnO4 (Merck KGaA, Darmstadt, Germany)
was added, and the temperature adjusted to 35 ◦C and held for 6 h, while continuing the stirring.
Subsequently, 40 mL of dd-H2O was added dropwise, and the temperature was increased to 80 ◦C and
held for 30 min. The reaction was interrupted by slowly adding 100 mL dd-H2O and 3 mL H2O2 to
the dispersion.

To remove the residual reagents and increase the highly acidic pH (<1), the GO dispersion was
centrifuged (SORVALL RC6, Thermo Fischer Scientific, Schwerte, Germany) for 10 min at 17,000 relative
centrifugal force. The transparent portion in the flask was decanted after centrifugation, dd-H2O
added, shortly stirred up and then centrifuged again. This process was repeated at least 10 times,
until the pH was above four. The GO sheets, with a sheet size less than 1µm were obtained from
IoLiTec, Ionic Liquid Technologies, Karlsruhe, Germany with an initial concentration of 5 mg mL−1.

The SnO2 nanoparticles were synthesized using a common hydrothermal approach with SnCl2 salt
and ammonia as initial reagents [35] 1.36 g SnCl2 * 2H2O were dissolved in 10 mL dd-H2O and 10 mL
Ethanol (Merck KGaA, Darmstadt, Germany, p.a.) for 10 min. Subsequently, 24 mL of 0.55 M ammonia
solution was added slowly mixture, which turned opaque yellow upon the addition of ammonia.
Consequently, the mixture was transferred to a 25 mL Teflon-lined autoclave and hydrothermally
treated for 6 h at 120 ◦C. The material was finally washed alternatingly three times with ethanol and
three times with dd-H2O to obtain a clean powder.

2.2. Ice-Templating and Annealing

To obtain the hybrid composed of rGO and SnO2, an aqueous dispersion of the respective GO
sheets (66.6 wt%) was mixed with SnO2 nanoparticles (33.3 wt%) and sonicated for 10 min in an
ultrasonic bath with a 90 W power supply. The dispersion was then transferred into a PTFE mold,
which was placed beforehand on the cold finger, and frozen by applying a unidirectional temperature
gradient of 18.5 K mm−1 in z-direction. To this end, self-supporting aerogels, with a radius of 4 mm
and a height of 8 mm and a porosity of >99.9% were obtained. These self-supporting aerogels were
transferred into the freeze drier (L10E, Dieter Piatkowski, Petershausen, Germany), which was cooled
down to –50 ◦C before evacuation. After the removal of the ice crystals, the aerogels were reduced in a
quartz tube furnace in Argon (99.95 Ar), ramping with 4 K min−1 to 500 ◦C, at which they were kept
for two hours. The obtained hybrid aerogels had a 41 wt% rGO to 59 wt% SnO2 weight ratio and a
weight around 1.55 mg ± 0.03 mg, whereas the pure rGO aerogels had a weight of 0.748 mg ± 0.002 mg,
obtained from weight measurements on three samples each.

2.3. Microstructural Characterization

For microstructural investigations, scanning electron microscopy (Zeiss Ultra 5, Carl Zeiss
AG, Oberkochen, Germany) was used. X-ray diffraction was performed on a Bruker D8 system
(Bruker Cooperation, MA, USA) using copper Kα radiation in the range of 10–90◦ with 0.01◦ as step
size. The crystallite size was calculated using the Scherrer equation with a form factor of 1 and a
Full-Width-Half-Maximum of 1.87 theta around a Bragg Angle of 26.59 deg. Brunauer-Emmett-Teller
(BET) tests were performed on a physisorption analyzer (Quantachrome Instruments Autosorb iQ3,
Quantachrome/Anton Paar GmbH, Graz, Austria).
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2.4. Mechanical Characterization

The mechanical measurements were conducted on a Bose Electroforce (TA Instruments, New Castle,
DE, USA), specifically the 3220-TA Series III Model, equipped with a 5 mN load cell. To investigate the
porous foams, glass plates were glued on the bottom and the cross head and the sample was placed
between them. The measurement was performed first with a compression step with a strain rate of
0.015 mm s−1 up to 75% compression, followed by a release step with a strain rate of 0.015 mm s−1

down to 0% compression.

2.5. Electrochemical Characterization

The cell assembly was performed in an argon-filled glovebox (Labmaster SP, MBraun, Garching,
Germany) and VWR connections made of PTFE with an inner diameter of 10.5 mm were used as cell
housing. To avoid corrosion on the contacts, molybdenum rods were milled from pure molybdenum
(99.95 at.% Mo) rods to until they had a diameter of 10.5 mm and fit tightly into the housing. Additionally,
the contacts were wrapped with PTFE sealing tape, to exclude any influence of oxygen. The respective
aerogel was placed on one side of the contact and six glass fiber separators (Grade 934-AH, Whatman,
Merck KGaA, Darmstadt, Germany) with a diameter of 11 mm on top. 1-Ethyl-3-methylimidazolium
chloride mixed with aluminum chloride in the ratio of 1:1.3 (IoLiTec, Ionic Liquid Technologies,
Karlsruhe, Germany) was determined to be a suitable electrolyte. The separators and the aerogel were
soaked with electrolyte (0.2 mL) and compressed using the other Mo contact as stamp. As counter
electrode aluminum foil (99.99 at.% Al) was used. Galvanostatic charge/discharge tests were performed
at a current density of 100, 1000 and 2000 mA g−1 in the voltage range of 0.2–2.0 V for the composite
and 0.2 to 2.2 V for the rGO aerogel. Prior to testing, the cells sat for at least two hours to completely
saturate the aerogel with electrolyte. Cyclic voltammetry was performed in a voltage window of
0.02–2.2 V, with a sweep rate of 0.1, 1, 10, 20, 50 and 100 mV s−1 for both aerogels. All measurements
were performed on electrochemical test stations (VMP300, Biologic, Seyssinet-Pariset, France).

3. Results and Discussion

3.1. Fabrication of the Porous, Binder-Free rGO/SnO2 Aerogels

Graphene oxide (GO) sheets were fabricated using a modified Hummers’ method [34], resulting in
sheet sizes ranging from 2 to 20 µm (Supporting Figure S1a). The SnO2 nanoplatelets were synthesized
by a hydrothermal approach [35]. Their dimensions were determined by scanning electron microscopy
(SEM), revealing a thickness of a few nanometers and a lateral dimension of several tens of nanometers,
with a tendency to form agglomerates with a size of 100 nm (Supporting Figure S1b).

The hybrid electrode was fabricated by adding SnO2 nanoplatelets to an aqueous dispersion of the GO
sheets. Soft sonication treatment was thereby performed to ensure a homogenous distribution (Figure 1)
and exfoliation of GO sheets. Subsequently, the components were co-assembled by an ice-templating
process. Ice crystals propagate thereby in a unidirectional manner along the applied temperature gradient
in the z-direction, and thus restrict the solid load between them (Supporting Figure S2). Their subsequent
sublimation, i.e., freeze-drying, leaves a highly porous, channel-like microstructure behind, in which
the columnar pores are the replica of the removed ice crystals [36]. Such an ice-templating technique
enables aligned, continuous channels throughout the whole height of the cylindrical aerogel. For the
performance evaluation, aerogels composed solely of GO were fabricated, using the same concentration
of GO in aqueous dispersion as that used for the hybrid electrode aerogel.
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The final step towards the fabrication of rGO/SnO2 hybrid electrodes for AIBs (Figure 1) is 
annealing the aerogel to thermally reduce the GO. In this step, it is crucial to choose a slow heating 
rate to avoid fast gas evolution, which would lead to structural damage. To verify the structural 
preservation after annealing of the aerogels, pristine and hybrid, the microstructure was investigated 
by SEM in its original (Supporting Figure S3) and reduced state (Figure 2). To that end, a honeycomb-
like pore structure is observed at the cross-section of the as-prepared and reduced aerogels (Figure 
2a,d and Supporting Figure S3a,d), with a pore width in the range of 20 to 40 µm. From the 
longitudinal cross sections, the aligned pore channels are notable and a wall porosity in the range of 
tens of micrometers is revealed (Figure 2b,e and Supporting Figure S3b–e). The latter arises from local 
inhomogeneities of solid load between the ice crystals [37], coupled with the lateral size of the GO 
sheets, which is up to one magnitude smaller than the diameter of the ice crystals/channels. Moreover, 
a connection between the channels is observed in the longitudinal section (Figure 2c). The 
microstructural features identified for the aerogels are typical for ice-templated carbon materials [38–
40]. Additionally, regarding the hybrid, agglomerates of SnO2 nanoplatelets could be detected, which 
are wrapped between the GO sheets, asserting the co-assembly of both materials (Figure 2f and 
Supporting Figures S3f and S4). The striking similarity of the as-prepared and reduced aerogels’ 
microstructures therefore ensured the minimal impact of the thermal treatment. 

Figure 1. Schematic illustration of the fabrication process of free-standing highly porous rGO/SnO2

aerogels and their application as a cathode material in AIBs.

The final step towards the fabrication of rGO/SnO2 hybrid electrodes for AIBs (Figure 1) is
annealing the aerogel to thermally reduce the GO. In this step, it is crucial to choose a slow heating
rate to avoid fast gas evolution, which would lead to structural damage. To verify the structural
preservation after annealing of the aerogels, pristine and hybrid, the microstructure was investigated by
SEM in its original (Supporting Figure S3) and reduced state (Figure 2). To that end, a honeycomb-like
pore structure is observed at the cross-section of the as-prepared and reduced aerogels (Figure 2a,d and
Supporting Figure S3a,d), with a pore width in the range of 20 to 40 µm. From the longitudinal cross
sections, the aligned pore channels are notable and a wall porosity in the range of tens of micrometers
is revealed (Figure 2b,e and Supporting Figure S3b–e). The latter arises from local inhomogeneities of
solid load between the ice crystals [37], coupled with the lateral size of the GO sheets, which is up to
one magnitude smaller than the diameter of the ice crystals/channels. Moreover, a connection between
the channels is observed in the longitudinal section (Figure 2c). The microstructural features identified
for the aerogels are typical for ice-templated carbon materials [38–40]. Additionally, regarding the
hybrid, agglomerates of SnO2 nanoplatelets could be detected, which are wrapped between the GO
sheets, asserting the co-assembly of both materials (Figure 2f and Supporting Figures S3f and S4).
The striking similarity of the as-prepared and reduced aerogels’ microstructures therefore ensured the
minimal impact of the thermal treatment.
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Figure 2. SEM images of the microstructures of rGO and rGO/SnO2 aerogels (a,d) top view and (b,e) 
side view of the channels. Detailed view of the (c) GO walls and (f) the SnO2 nanoplatelets embedded 
in the walls.  
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hybrid composition of 41 wt% rGO and 59 wt% SnO2 is thereby obtained as deducted from 
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due to the restoration of the sp2-hybridization characteristic of graphene [42]. The removal of the 
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prepared and reduced, revealed a shift of the reflection at 11° for GO to 24° for rGO (Figure 3a,b). The 
reflection at around 11° originates from stacked GO, as it correlates with the pristine GO material. 
The shift therefore corresponds to a decrease in interlayer distance from 0.8 nm to 0.4 nm, which is 
close to the value of the interlayer distance in graphite (0.33 nm) [44]. This correlates to the results 
obtained by Raman, where an increase in the D- to G-band ratio is observed (Supporting Figure S6). 
Additionally, a peak broadening is observed for rGO, which correlates to a small crystallize size in 
the sheets [16]. Similarly, the same shift upon reduction is observed for the hybrid as a shoulder at 
24° next to the reflection of SnO2, indicating a decrease in layer distance of overlapping rGO sheets, 
which are located in the walls of the aerogel. However, the intensity of the shoulder is significantly 
lower and broader, compared to SnO2, indicating a smaller diffracted crystal volume of rGO stacks 
as schematically presented in Figure 3b. This reduction in intensity is correlated with the decreased 
number of stacked rGO sheets, because SnO2 particles are embedded between them hindering the 
restacking of rGO single sheets during removal of oxygen containing surface groups (see schematic 
in Figure 3b). XRD analysis shows that the SnO2 nanoplatelets are nanocrystalline and exhibit a rutile 
structure, known as a good intercalation host [36,45–47]. After reduction, these rutile reflections of 
SnO2 become more pronounced, indicating a crystal growth of the originally agglomerated 
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nanostructures was calculated using the Scherrer equation as 6.33 nm. 

Figure 2. SEM images of the microstructures of rGO and rGO/SnO2 aerogels (a,d) top view and (b,e)
side view of the channels. Detailed view of the (c) GO walls and (f) the SnO2 nanoplatelets embedded
in the walls.

However, upon thermal treatment, a weight loss of 26% occurred, which is assigned to the removal
of oxygen-containing functional groups and their reaction to gaseous CO and CO2 [41]. A hybrid
composition of 41 wt% rGO and 59 wt% SnO2 is thereby obtained as deducted from thermogravimetric
analysis (Supporting Figure S5). Moreover, highly conductive rGO is achieved due to the restoration
of the sp2-hybridization characteristic of graphene [42]. The removal of the oxygen-containing
functional groups is further accompanied by a decrease in interlayer distance of neighboring sheets [43].
The powder X-ray diffraction (XRD) patterns of the hybrid aerogels, as-prepared and reduced, revealed
a shift of the reflection at 11◦ for GO to 24◦ for rGO (Figure 3a,b). The reflection at around 11◦ originates
from stacked GO, as it correlates with the pristine GO material. The shift therefore corresponds to
a decrease in interlayer distance from 0.8 nm to 0.4 nm, which is close to the value of the interlayer
distance in graphite (0.33 nm) [44]. This correlates to the results obtained by Raman, where an increase
in the D- to G-band ratio is observed (Supporting Figure S6). Additionally, a peak broadening is
observed for rGO, which correlates to a small crystallize size in the sheets [16]. Similarly, the same
shift upon reduction is observed for the hybrid as a shoulder at 24◦ next to the reflection of SnO2,
indicating a decrease in layer distance of overlapping rGO sheets, which are located in the walls of
the aerogel. However, the intensity of the shoulder is significantly lower and broader, compared
to SnO2, indicating a smaller diffracted crystal volume of rGO stacks as schematically presented in
Figure 3b. This reduction in intensity is correlated with the decreased number of stacked rGO sheets,
because SnO2 particles are embedded between them hindering the restacking of rGO single sheets
during removal of oxygen containing surface groups (see schematic in Figure 3b). XRD analysis
shows that the SnO2 nanoplatelets are nanocrystalline and exhibit a rutile structure, known as a
good intercalation host [36,45–47]. After reduction, these rutile reflections of SnO2 become more
pronounced, indicating a crystal growth of the originally agglomerated nanostructured platelets into
larger crystals (Supporting Figure S4). The crystallite size of the SnO2 nanostructures was calculated
using the Scherrer equation as 6.33 nm.
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of the rGO sheets arrangement with and without SnO2 particles.

Brunauer–Emmett–Teller (BET) measurements were performed on the pristine as well as the
hybrid aerogels to determine their surface area and mesoporosity, as these features are known to
highly influence the electrochemical performance of the active material [16]. A large surface area of
221.3 m2 g−1, in the case of the hybrid rGO/SnO2, was thereby determined, 60% of that of the pristine
rGO aerogel (367.9 m2 g−1). The presence of mesoporosity was also verified by the obtained N2

adsorption–desorption isotherms, exhibiting a hysteresis form (Supporting Figure S7) [48]. This result
is in good agreement with the presented microstructure (Figure 2b,e), revealing the location of the
mesopores within the cell walls. However, the mesoporosity of the pristine aerogels is almost 2-fold
that of the hybrid aerogels, as concluded from the cumulative pore volume of 0.47 cm3 g−1 in the
case of the pristine and 0.24 cm3 g−1 in the case of the hybrid aerogel (Supporting Figure S7b).
However, considering the significantly higher density of the hybrid aerogel (5.0 g cm−3) an even
larger cumulative pore volume fraction is achieved. Furthermore, the overall porosity P = 1 − ρs/ρ
*100% is estimated to 99.9% for both aerogels, pristine and hybrid, based on the density of carbon
ρ = 2.26 g cm−3 and that of the aerogel ρs [44]. The scaffold structure, with its channel-like pores,
is the major contributor to this high porosity. Notably, the tailored microstructure of the rGO/SnO2

aerogels, combining the channel-like network of pores (macroporosity) with the cell wall mesoporosity,
is promising. Specifically, the latter facilitates ion diffusion and enables the access to an increased
number of intercalation and adsorption sites, while a homogenous distribution of the electrolyte
throughout the electrode along the applied potential gradient is assured by the macroporosity [23].

3.2. Mechanical Performance of the rGO/SnO2 Aerogels

The aerogels need to be compressed when implementing them in the battery cell as a free-standing
cathode material. Mechanical testing of the aerogels was thereby conducted by means of compression,
to ensure their structural integrity upon cell assembly and electrochemical analysis. The density
and microstructure of the aerogels, specifically the degree of ordering and the alignment of the rGO
sheets, thereby play a crucial role, defining the mechanical response. To this end, the size of the
rGO sheets contributes immensely to the elastic mechanical performance. Sheets larger than 20 µm
provide structural recovery upon deformation and a strength one order of magnitude higher than
those smaller than 2 µm [38]. However, the size of the sheets also influences the electrochemical
performance, whereas for smaller edge-rich sheets, an increased capacity in AIBs is obtained due to
the additional intercalation sites at the edges [49]. Therefore, an optimal sheet size with sufficient
mechanical stability and optimal electrochemical performance is crucial. The investigation of the
rGO and rGO/SnO2 aerogels (Supporting Figure S8), with an initial GO sheet size smaller than 2 µm,
revealed a poor mechanical performance (Supporting Figure S9). Therefore, rGO and rGO/SnO2

aerogels fabricated with a sheet size larger than 20 µm were investigated. Specifically, they would
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provide high elasticity and mechanical stability, similar to elastomeric materials, and yet sufficient
edges for facilitated ion de-/intercalation. In particular, the continuous packing of the rGO within
a cell wall and their interconnection promote their strength and superelasticity [38]. The shape of
the obtained compressive stress–strain curves of the aerogels, whether pristine or hybrid (Figure 4a),
indicate four typical deformation stages of cellular materials [50,51]. Specifically, stage I (strain < 5%)
correlates to the elastic deformation, stage II (strain up to 50%) to cell wall buckling and stage III
(strain up to 75%) to the densification of the aerogels [52]. Stage IV represents the recovery of the
aerogels, referring to the flexibility of the structure with the rGO sheets. The macroscopic deformation
of the aerogels is displayed in Figure 4b through digital images representative of the different stages
(Supporting Movie S1 and S2). The elastic deformation of the aerogels is characterized by a Young’s
modulus similar for both aerogels, 0.41 ± 0.06 kPa for the pristine and 0.42 ± 0.09 kPa for the hybrid
aerogel, with a slight increase in the compressive strength (Supporting Table S1). Considering that the
presented aerogels exhibit a porosity of ~99.9%, these values are in good agreement to those obtained
for other graphene/graphene oxide aerogels [52].
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Notably, the rGO/SnO2 aerogels show a superior recovery of 95.5% compared to pristine rGO
aerogels (53.3%) (Figure 4a and Supporting Movie S3), allowing a reversible compression over a wide
strain range with only a slight (3.5%) permanent deformation (Figure 4b). The latter is ascribed to
defects in the aerogels’ cell walls, such as micro-cracks [38], while the high recovery is attributed to
the flexibility of the rGO sheets as well as the tailored structure-design, allowing significant energy
absorption. The superior recovery of the hybrid aerogels is assumed to originate from the wrapping,
or anchoring, of the SnO2, which interconnects neighboring rGO sheets and interlock upon proceeding
mechanical deformation. Such performance renders these hybrid aerogels as an ideal electrode material
with a high mechanical stability, which maintains its flexibility and a certain porosity even under very
high compression states. The accommodation of larger ions is thereby possible while the structural
integrity of the electrodes is preserved.

3.3. Electrochemical Performance of the rGO and rGO/SnO2 Aerogels

The ultra-light, free-standing and binder-free rGO and rGO/SnO2 aerogels were electrochemically
tested by directly soaking them with electrolyte and compressing them into discs upon cell assembly.
The impact of additives used in conventional slurry-based electrodes on the electrochemical performance
is thereby excluded, allowing to investigate the individual contribution of rGO and SnO2 within the
hybrid material. The electrodes were evaluated in the voltage window between 0.2 V and 2.2 V vs.
Al/Al3+. Figure 5a shows the corresponding cyclic voltammetry (CV) curves. For the pristine rGO
aerogel, a plateau between 0.15 V and 1.7 V is observed [53]. This current–voltage behavior, where
the current is predominantly linearly proportional to the voltage rate, is typical for non-Faradaic
energy storage. In contrast, the hybrid rGO/SnO2 electrode displays an anodic and a corresponding
cathodic peak around 0.5 V (peak A), which is correlated with the de-/intercalation of Al3+ in SnO2 [28].
Upon intercalation of the Al3+ into the rutile crystal structure of SnO2, the tetra-valent Sn(IV) is reduced
to divalent Sn(II), resulting in AlxSnO2 [28]. Whereas, the amount of intercalated Al3+ ions, denoted as
x, reaches a maximum of 0.6. Interestingly, the CV curves of the hybrid electrode exhibits an additional
anodic peak at 1.8 V and a corresponding cathodic peak at 1.3 V (peak B), which is not related to the
intercalation into SnO2. The origin of the peak is hypothesized to be the de-/intercalation of AlCl4- at
the interface between the SnO2 particles and the rGO sheets.

This hypothesis is supported by results obtained for a freeze-dried rGO/SnS2 composite [23].
They observed a peak with a large shift between positive and negative scan direction at a similar
intercalation voltage.

Owing to the high surface area of the tailored aerogel electrodes, a large electrochemical double
layer is formed. A significant capacitive contribution is thereby achieved analogous to the pristine
rGO electrode (Figure 5a). The energy storage process is therefore a combination of de-/intercalation of
the ions into SnO2 as well as between rGO/SnO2 and their adsorption on the rGO surface. Hence, an
interplay between Faradaic and non-Faradaic processes occurs during the charging and discharging
processes, using the active material to its utmost.
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Figure 5. (a) Cyclic voltammograms (CV) of the rGO/SnO2 hybrid electrode in comparison with the
pristine rGO electrode at 0.1 mV s−1 (2nd cycle). (b) CVs at 0.1, 1, 10, 20, 50 and 100 mV s−1 for the
rGO/SnO2 hybrid electrode (2nd cycle). (c) Plot of the anodic peak current at the different scanning rates
for b-value determination of peak A and peak B. (d) The contribution of the diffusion and capacitive
controlled current response at 1 mV s−1 and 50 mV s−1 (inset). (e) The Faradaic and non-Faradaic
contribution to the whole capacity (capacitive vs. diffusion-controlled energy storage) of the rGO/SnO2

composite for all scanning rates, ranging from 0.1 mV s−1 up to 100 mV s−1.

To distinguish the contribution of the diffusion-controlled processes to the overall energy storage
from that of the pseudo-capacitive effect, CV measurements with scan rates ranging from 0.1 mV s−1

up to 100 mV s−1 were conducted (Figure 5b). At scan rates, up to 10 mV s−1, the current peaks shift
with a noticeable increase in peak separation. Upon increasing the scan rate to 100 mV s−1, however,
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the peaks are not detectable anymore, and the energy storage process shifts to a mainly non-Faradaic
characteristic. By plotting the peak current against the scan rate in a double-logarithmic plot (Figure 5c),
indication of the predominant process can be shown [54]. The slope b of the thereby obtained linear
regression follows I = a νb, where I corresponds to the peak current, ν to the scanning rate and a to
the y-intersect. Values for b approaching unity are characteristic for capacitance-controlled processes,
while values around 0.5 indicate diffusion-controlled processes [55]. The b-value is thereby determined
as 0.76 for peak A and 0.86 for peak B, implying that both processes contribute. However, the higher
value for peak B indicates a more capacitance-controlled process, denoting more surface-controlled
kinetics. This additional peak arises therefore not only from intercalation of ions between SnO2 and
rGO, but mostly from their adsorption at the surface. To determine the contribution percentage of
each process type, whether diffusion-controlled or surface-controlled, the corresponding current at
different potential points is evaluated [18]. The cyclic voltammograms at 1 and 50 mV s−1 (Figure 5d)
present the contribution of the different processes. A notable decrease of the capacitive current at
the potential corresponding to the de-/intercalation processes, peak A and B, can be seen. Moreover,
an increase of the capacitive contribution at the higher scan rate is apparent, comprising more than 50%
at 50 mV s−1. The contribution of the diffusion and capacitive processes for the various scanning rates
is shown in Figure 5e. That of capacitive ion adsorption onto the surface of the electrodes increases
with the charging rates, as anticipated. Surprisingly, the contribution of diffusion-controlled processes
is dominant at a scanning rate of up to 50 mV s−1. This behavior unites the main properties of a
capacitive-controlled supercapacitor and a diffusion-controlled battery, combining high power and
energy densities. Compared to a recently published work about graphite–graphite dual ion batteries
using the same electrolyte, the diffusion-controlled contribution for the hybrid aerogel at the same
scanning rate of 1 mV s−1 is more than two-fold increased [56]. This significantly increases the results
from the synergy of nanosized SnO2 particles wrapped by rGO sheets and the tailored microstructure
of the hybrid aerogel electrode. Due to the small size of the SnO2 particles, de-/intercalation is enabled
at very high scanning rates of 100 mV s−1, delivering a sizable contribution to the capacity (Figure 5e).
The energy storage process is therefore optimized, simultaneously exploiting the large surface area
of 221.3 m2 g−1 induced by the tailored microstructure of the rGO-based aerogel electrode and the
electrochemically active nanometer sized SnO2 particles. The unidirectional channels, which originate
from ice-templating, enable fast infiltration of electrolyte even at a compressed state. Additionally, they
decrease the electron pathway and increase the high rate performance of the electrode [57]. This enables
a supercapacitor-like performance at very high charging rates, coupled with comparatively large
capacity values, thus overcoming the limitation in either energy or power density typically found in
batteries or supercapacitors, respectively.

To further evaluate the rate performance of the hybrid aerogels in comparison to the pristine
material, galvanostatic charge–discharge profiles with a charging rate of 2 C, 20 C and 40 C were
conducted (Figure 6). A specific gravimetric capacity of the hybrid aerogel of 50 mAh g−1 was
obtained for a current density of 100 mA g−1 (2 C). The impact of the SnO2 nanoparticles addition
on the electrochemical performance of the aerogels is concluded from the comparison of their
volumetric capacities. The significant difference in gravimetric densities of the materials in question is
thereby excluded.
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From the charge–discharge profiles (Figure 6a) of the hybrid electrode a large plateau around
0.5 V is observed, which correlates to peak A (Figure 5a). By increasing the charging rate, the length of
the plateau decreases, equivalent to our findings from the CV analysis. However, the less pronounced
plateau, corresponding to peak B (Figure 5a), disappears at higher charging rates. Additionally,
a pseudocapacitive behavior is observed for the hybrid electrode, analogous to the pristine electrode.
These findings corroborate the results obtained from the cyclic voltammetry analysis, demonstrating
the synergy of the energy storage processes present in the hybrid electrodes. The volumetric capacity
delivered by the hybrid electrode is accordingly higher by 23% than that of the pristine electrode. From
the cell life investigation (Figure 6b), the same trend of the capacity evolution is observed for both
electrodes. The increase of the capacities can therefore be attributed to the activation of the rGO and its
subsequent reduction [41]. Furthermore, the initially high efficiency of 105% supports this conclusion
(Supporting Figure S10). Moreover, by increasing the charging rate lower capacities are attained,
reaching a capacity of 16.1 mAh cm−3 at 2 C and only 8.9 and 6.4 mAh cm−3 at 20 and 40 C, respectively.
Notably, the hybrid electrodes deliver higher volumetric capacities than the pristine rGO electrodes,
over 30% at the various charging rates. Compared to other cathode materials for AIBs the hybrid
aerogel electrodes deliver adequate energy densities (20–50 Wh kg−1) at notably high power densities
(810–100 W kg−1), as shown in the Ragone plot (Supporting Figure S11). On this basis, the benefit
of the SnO2 nanoparticle loading on the porous channel-like rGO aerogel is validated. Furthermore,
the well-defined nanostructure of SnO2 hinders the pulverization of the particles, leading to an excellent
cycling stability over 10,000 cycles.
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The electrochemical performance of the hybrid electrodes observed here can be attributed to three
different energy storage mechanisms (Figure 7).
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(i) The non-Faradaic contribution is partially correlated with the electrochemical double layer
capacitance observed for rGO sheets with crystallite sizes below 10 nm [16]. The chloroaluminate
anions are thereby adsorbed at the surface of rGO sheets.

(ii) Peak B is hypothesized to correlate with the intercalation of AlCl4- between SnO2 and rGO.
The SnO2 nanoparticles embedded in the rGO aerogel, provide sufficient space for intercalation,
as they increase the cumulative pore volume fraction. When considering graphitic materials,
intercalation involving AlCl4- results in a characteristic peak around 2 V [13,57]. Additionally,
the SnO2 nanocrystals distort the graphitic structure, which could facilitate the intercalation and
thus lowers the voltage. This mechanism contributes further to the pseudocapacitive behavior of
the hybrid aerogel electrode.

(iii) The Faradaic contribution entails the de-/intercalation of Al3+ into SnO2 (peak A), which was
similarly observed for SnO2/C cathodes [28].

4. Conclusions

We fabricated a highly porous, free-standing rGO/SnO2 aerogel as a binder-free cathode for AIBs.
The tailored microstructure of these aerogels provides a synergy of mechanical stability and enhanced
electrochemical performance. It is characterized by aligned channels, the walls of which comprise
rGO sheets and embedded SnO2 nanoparticles, resulting in high flexibility with a significant structural
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recovery upon mechanical compression, up to 95.5%. Furthermore, the here-achieved integration of
nanosized SnO2 particles into the rGO aerogel creates a synergistic effect, where pseudocapacitive and
diffusion-controlled energy storage mechanisms simultaneously contribute to the deliverable capacity
and prolong the battery life, over 10,000 cycles. An enhancement of the volumetric capacity by 23% is
thereby achieved, as opposed to its rGO aerogel counterpart. In addition, a notably high power density
of 810 W kg−1 was achieved for the hybrid aerogels, comparable or superior to that of state-of-the art
hybrid electrodes for AIBs. A step towards solving the current predicament in mobile energy devices is
thereby made, as a combination of high power and high energy density, achievable by a single energy
storage device, is attained. Our findings therefore provide new insights into the conceptual design of
high-performance hybrid electrodes with pseudocapacitive behavior for AIBs.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/10/10/2024/s1,
Figure S1: SEM images of (a) a GO sheet, prepared by the modified Hummers Method (size between 2 to
20 µm). (b) SnO2 nanoplatelets, prepared by a hydrothermal approach; Figure S2: Schematic illustration of the
(a) ice-templating setup and (b) the evolution of unidirectional ice crystal growth, Figure S3: SEM images of
the microstructures of GO and GO/SnO2 aerogels (a,d) top view and (b,e) side view of the channels. Detailed
view of the (c) GO walls and (f) the SnO2 nanoplatelets embedded in the walls, Figure S4: Highly magnified
SEM images of the (a) GO/SnO2 and (b) rGO/SnO2 hybrid aerogel. In both cases, the sheets wrap the SnO2
nanoplatelets and hold them in place, Figure S5: Thermogravimetric analysis of the annealing process at 500 ◦C
in argon and its corresponding mass loss of 26% and the determination of the rGO to SnO2 ratio in synthetic
air at 1100 ◦C, showing that 41 wt% of the composite is comprised of rGO, whereas 59 wt% is comprised of
SnO2, Figure S6: Raman Spectra of GO/SnO2 (grey) and rGO/SnO2 (red) samples, where the D- and G-bands are
visible, Figure S7: Isotherm obtained by N2 adsorption and desorption curves of rGO and rGO/SnO2 aerogels and
their respective cumulative pore volume, Figure S8: SEM images of the microstructures of rGO and rGO/SnO2
aerogels, which were fabricated using a GO dispersion with much smaller sheet sizes. (a,d) Top view and (b,e)
side view of the channels. Detailed view of the (c) GO walls and (f) the SnO2 nanoplatelets embedded in the
walls, Figure S9: Mechanical performance of the rGO and rGO/SnO2 aerogels, which were fabricated using a GO
dispersion with smaller sheet sizes (<2 µm), under compression. (a) The compressive stress-strain curve with
(b) the corresponding in-situ images of the different compression states, Figure S10: Efficiency plot of both the
pristine and the hybrid aerogel, Figure S11: Ragone plot of the hybrid rGO/SnO2 aerogel in comparison to the
most recent literature in the field of AIB’s. Supplementary Movie 1. High magnification movie of the compression
test on a rGO/SnO2 scaffold.Supplementary Movie 2. High magnification movie of the compression test on a rGO
scaffold. Supplementary Movie 3. Practical demonstration of the scaffolds flexibility. Supplementary Table S1.
Mechanical properties of rGO and rGO/SnO2 aerogels. Supplementary Table S2: Mechanical properties of rGO
and rGO/SnO2 aerogels, which were fabricated using a GO dispersion with much smaller sheet sizes.
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Abstract: In this paper, we study the plasma-less etching of crystalline silicon (c-Si) by F2/N2 gas
mixture at moderately elevated temperatures. The etching is performed in an inline etching tool,
which is specifically developed to lower costs for products needing a high volume manufacturing
etching platform such as silicon photovoltaics. Specifically, the current study focuses on developing
an effective front-side texturing process on Si(100) wafers. Statistical variation of the tool parameters
is performed to achieve high etching rates and low surface reflection of the textured silicon surface.
It is observed that the rate and anisotropy of the etching process are strongly defined by the interaction
effects between process parameters such as substrate temperature, F2 concentration, and process
duration. The etching forms features of sub-micron dimensions on c-Si surface. By maintaining
the anisotropic nature of etching, weighted surface reflection (Rw) as low as Rw < 2% in Si(100) is
achievable. The lowering of Rw is mainly due to the formation of deep, density grade nanostructures,
so-called black silicon, with lateral dimensions that are smaller to the major wavelength ranges of
interest in silicon photovoltaics.

Keywords: dry etching; black silicon; photovoltaics

1. Introduction

The formation of high aspect ratio and/or large surface area sub-micron structures on silicon is of
high interest for several applications, such as photovoltaics, micro-electro-mechanical systems (MEMS),
photodetectors, and silicon anodes for lithium-ion batteries [1–4]. Meanwhile, in silicon photovoltaics,
the formation of submicron features on c-Si surface has received increased attention in the field of
Si photovoltaics due to its ability to dramatically reduce the surface reflection to a very low value
so that the wafer turns ”black” in appearance, a so-called black-silicon (B-Si). Application of such
anti-reflective surfaces on single or monocrystalline silicon (mono-c-Si) and multicrystalline silicon
(mc-Si) surfaces have shown an improved short-circuit current density (JSC) of solar cells due to a
higher absorption of incident light [1–3].

For applications requiring high volume manufacturing such as a photonic detector or a photovoltaic
cell, reduction of process costs is inevitable. However, a high cost of ownership (COO) of the
vacuum-based etching equipment might make its application in the photovoltaic industry difficult.
Other wet-chemical texturing methods such as metal-catalysed chemical etching (MCCE) also promise
low reflection on both mono c-Si and mc-Si wafers. However, this method has drawbacks, such as
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the need for multiple processing steps, the use of expensive process materials, cumbersome waste
management, and a high likelihood of trace metal particles being present in the Si wafer.

As alternatives to wet-chemical etching processes, plasma-based activation of Fluorine-containing
gases like F2, XeF2, SF6, CF4, and NF3 was widely investigated in the past to perform etching of c-Si for
different applications such as photovoltaics, micro-electro-mechanical systems (MEMS), optoelectronic
devices, and optical filters [4,5]. Chemical dry etching promises to provide significant economic and
technological advantages to both of the abovementioned processes. It is known that gases like F2,
XeF2, and ClF3 can etch Si spontaneously, even at room temperatures, without any need of plasma
excitations [6–9]. Typically, a good selectivity towards various masking materials including metals,
photo-resists, SiOx, SiNx, etc.; and an isotropic etching of Si with high etch rates is the most important
criterion desired for plasma-less dry etchants in microelectronics and/or MEMS micromachining.
In solar cell fabrication, however, the anisotropic nature of the surface roughness left on the Si surface
after the etching process is the most important criterion for forming anti-reflective surfaces allowing
higher light absorption [10].

In comparison to other spontaneously activated etchants like XeF2 and ClF3, F2 is known to
have a lower Si etch rate at room temperature [9]. However, thermal activation of F2 gas at moderate
temperatures can be used to etch Si wafers with reasonably high etching rates. It has been reported that
F2 leaves a rougher Si surface than XeF2 after the plasma-less etching process at room temperature [6].
However, no detailed knowledge about the surface roughness left after the etching process exists in the
literature. In this paper, we study the plasma-less etching of Si in F2/N2 gas mixture when the Si wafer is
heated at moderate temperatures of up to 300 ◦C. In comparison to other studies on halogen etching of
Si, the basis of this study is an industrially available etching tool for products that need a high volume
manufacturing platform. We first provide a brief introduction to the experimental tool, followed
by a detailed study about the influence of tool process parameters on etch rate, surface morphology,
and the resulting surface reflection after the texturing process. The process parameter variation of
the etching tool is performed by using design of experiments (DOE) and the resulting output data
(etch rate and surface reflection) are analysed using statistical methods. Thereafter, the nucleation
of etch pits and the evolution of surface roughness are investigated based on detailed microscopic
observations, and activation energies are calculated for the F2-Si reaction system. The etching process
forms high aspect ratio B-Si features that have potential for different applications; we particularly focus
on discussing the properties of nanostructures that qualify them to be used as anti-reflective layers
in photovoltaics.

2. Materials and Methods

2.1. Experimental Tool

In this work, an atmospheric pressure dry etching (ADE) tool (Nines ADE-100) is used to carry
out dry etching of monocrystalline silicon (mono c-Si) and multicrystalline silicon (mc-Si) wafers.
The prototype etching tool is manufactured by Nines Photovoltaics and installed at Fraunhofer ISE to
establish an etching process that can be easily adapted in high volume production. Figure 1 shows the
schematic providing details of the external connections and the reactor of the ADE tool.
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Figure 1. Schematics showing the atmospheric pressure dry etching (ADE) reactor and external
connections to gas supply and exhaust lines.

All the gas lines are assembled in a valve manifold box (VMB) and mass flow controllers (MFC’s)
are used to control the gas flow rates. In the system, F2 is the only etching gas present. High purity
F2/N2 mixture in a gas bottle is stored in a gas cabinet. In this experiment, gas bottles filled with F2/N2

mixture with a maximum F2 concentration of 20% are used. The etching is performed in the ADE
tool, which is a compact and ventilated enclosure of metal sheets and polycarbonate doors. After the
etching process, toxic and corrosive waste gases (F2/SiFx) are removed by the exhaust lines and fed
to a dry bed process scrubber (CS clean systems) for abatement purposes. The etching gas is passed
through a heated zone (gas diffusion plate GDP) intending to provide a temperature TGDP that could
potentially facilitate partial dissociation of F2 into more reactive F atoms. N2 is used as a carrier gas
to dilute the effective F2 concentration in the F2/N2 gas mixture during the etching process, as well
as a purge gas to purge the gas lines and the reactor chamber after etching. Besides, the reactor is
separated from the outer section of ADE tool with the help of two N2 gas curtains, which are placed
before and after the reaction zone. The gas curtains maintain a continuous flow of N2 gas and contain
the reactive gases inside the reactor. A slight pressure difference (∆P ≈ 60 Pa) is maintained between
the outside and inside of the reactor to contain the leakage of the reactive (both reactant and product)
gases released during the etching process. The conveyer system is designed so as to transport the large
area Si wafers (15.6 cm × 15.6 cm) through the reactor in an inline mode. The wafers are held in the
conveyer system by a minor vacuum (2–3 kPa) and can be heated to a controlled temperature (Twafer).
The wafers are then dynamically transported through the reaction zone and later unloaded on the
other side of the conveyer system.

The following nomenclatures of the tool process parameters are used in the paper: (a) flux of F2 in
F2/N2 gas mixture: QF2; (b) flux of separate N2 as carrier gas: QN2; (c) total gas flux inside the reactor:
QF2+N2; (d) effective concentration of F2 in total gas flux: σF; (e) set temperature of the gas diffusion
plate: TGDP; (f) set temperature of the wafer substrate holder/heater conveyer: Twafer; and velocity of
the wafer substrate moving through the reaction chamber (v).

2.2. Design of Experiments

In order to perform the evaluation of the experimental results in the least biased way, the design
of experiments (DOE) is performed using the statistical software. The major process parameters that
might have an influence on the etching process are: TGDP, Twafer, v, QF2+N2, and σF. The total gas flux
(QF2+N2) is kept constant, whereas the N2 gas flux (QN2) is varied to reach the desired F2 concentration
(σF) values. Three level factorial design (3 × (k−p)) with four factors (k = 4) and one block (p = 1) is
used to generate the experimental design. Additionally, one replication is performed in each case,
summing up the total number of experiments to be 27 × 2 = 54. Table 1 lists the process parameters as
factors that influence the etching process, and Figure 2 shows the workflow of the experiment.
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Table 1. Process parameters used for 3 × (k−p) experimental design.

Process Parameters Units
Levels

Low Medium High

TGDP
◦C 200 245 290

Twafer
◦C 200 250 300

σF % 1.67 3.33 5
v mm/s 2 5 8

Figure 2. Process flow of the wafers used for the statistical design of experiments.

Large area (15.6 × 15.6 cm2) p-type (100) Cz c-Si wafers are first saw-damage etched in alkaline
solution and then cleaned using RCA sequence. The wafers are weighed in a weighing scale before
transferring them to the etching tool. A variation of process parameters is performed in the etching
tool as per the statistical design shown in Table 1. For each set of process parameters, the front side
and the rear side of the wafer are etched consequently with the identical process parameters. In the
analysis of the data, the etchings of front and rear side are assumed to be replicas of each other. After
etching each side, weight measurements are performed to estimate the average value of the etch rate.
Additionally, the surface reflectivity is measured in an integrated sphere using a UV/Vis/NIR spectrally
resolved spectrophotometer (Varian Cary 5000, Agilent Technologies Germany GmbH, Waldbronn,
Germany) in the wavelength spectrum of 250–1200 nm. The weighted surface reflection (Rw) [11] is
then calculated in the wavelength spectrum of 300–1200 nm and the weighing function is applied
using the internal quantum efficiency of a standard silicon solar cell under AM 1.5 G conditions.

2.3. Estimating Activation Energy

To investigate the influence of oxide termination on etching results, the Arrhenius behaviour of
etching is investigated. The process plan of the experiment is shown in Figure 3.

The precursors used are p-type Cz wafers of (100) crystal orientation after saw-damage etching
using alkaline solution. The wafers are then divided into three groups. All groups are cleaned
separately using the cleaning sequence of hot HNO3 (120 ◦C, 68%wt, 10 min), HF dip, and DI water
rinsing. Afterwards, Group 2 is treated again with hot HNO3 solution to grow a homogeneous chemical
oxide on Si surface. Group 3 is kept in storage under the exposure of laboratory air for 4 days to grow
a native oxide. Please note that the wet-chemical sequences for Group 1 and Group 2 are performed
just before the etching process. The wafers from all three groups are etched together in the ADE tool
at three different set Twafer values. During etching, all other process parameters are kept constant.
After the etching, the etch rate is calculated for each group.
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Figure 3. Process plan followed to investigate the Arrhenius behaviour.

The rate of the reaction (here, etch rate) can be expressed in the form of Arrhenius Equation (1)

R(Si) = k0e(
−Ea
RT ), (1)

where R(Si) represents the etch rate of Si in µm/min, k0 is the pre-exponential factor in µm/min, R is the
gas constant, and Ea is the activation energy in kCal/mol.

Based on above expression, ln (R(Si)) is plotted against the inverse of T (Twafer) and Ea is calculated.

2.4. Characterization of Nanostructures

p-type, (100) mono c-Si Cz wafers are first saw damage etched in alkaline solution, and cleaned by
RCA cleaning followed by HF dip and DI water rinsing. The wafers are then etched using ADE process.
During the ADE process, a variation of etching duration (v) is performed, whereas all other parameters
are kept constant. Process conditions are chosen (Twafer = 200 ◦C, QF2+N2 = 24 slm, σF = 5.0%) in order
to maintain directional etching in (100) direction, and the directionality of the etching process is verified
by SEM measurements (SU 70, Hitachi High-Technologies Corporation, Tokyo, Japan). SEM top-view
and cross-sectional view measurements of each sample are performed and five images of each sample
are used for the analysis. The dimensions of the nanostructures are extracted by analysing SEM
images by using image processing software ImageJ 1.48v [12]. The depth of the nanostructure is
extracted simply as the distance from the top of the structure to its valley in the cross-sectional image.
In Figure 8i, it was observed that the nanostructure top-view geometry resembles that of an ellipse.
With this assumption, the 2D top-view image of the nanostructure is calculated by fitting it as an ellipse.
From the measured areas, the diameter of a circular geometry is calculated for simplicity reasons,
which represents the lateral dimension or width (w) of the nanostructure.

2.5. Estimation of Surface Enlargement Factor

The surface enlargement factors (Sf) of textured surfaces are estimated by two methods: (a) atomic
force microscopy (AFM, Dimension 3100, Brucker Nano Surfaces (previously Veeco instruments
& Digital Instruments, Santa Barbara, CA, USA) with a super sharp tip (Nanosensors SSS-NCH)
with tip radius of 2 nm operated in the tapping mode; and (b) the change in weight of wafer after
depositing 100 nm atomic layer deposited (ALD) Aluminium oxide (Al2O3) layer using a spatial ALD
tool. The surface area increases with the amount of Si removed during the ADE process. The slope
can be well fitted using a linear function (R2 = 0.97) for the ALD deposition method and (R2 = 0.93)
for the AFM method, although a slight discrepancy in calculated Sf was observed. This is expected
due to the inability of the AFM cantilever tip to reach the deep valleys of the nanotexture terrain,
thus underestimating the Sf value.
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3. Results

3.1. Statistical Variation of Process Parameters

The statistical analysis of the experimental section was performed for the etch rate and surface
reflection as the dependent variables. It was observed that a normal distribution assumption of the
residuals is valid and therefore analysis of variance (ANOVA) was used to analyse the output data.

3.1.1. Analysis of Etch Rate as the Dependent Variable

Half-normal plot was used to identify the statistically significant parameters influencing the etch
rate and is shown in Figure 4.

Figure 4. Half-normal plots to identify the significant factors to influence the etch rate. The straight lines
in ii) are linear fits of the main effects (red filled circles) and interaction effects (green empty squares)
that have an absolute value lower than 5. Here, 1, 2, 3, and 4 represent the process parameters TGDP, v,
σF, and Twafer respectively. L and Q represent the type of effect (linear or quadratic) that the individual
process parameters or their mutual interactions have on the dependent variable (here, etch rate).
The mutual interaction effects between two parameters, for instance 1 and 2, are represented here as 1L
by 2L and 1Q by 2Q for linear and quadratic interactions respectively.

This plot is based upon the assumption that all factors that have limited or no effect on responses
(here etch rate) fall together, and their estimated effects (either main or interaction) can be fitted very
well by a linear function. The outliers have higher statistical significance and the magnitude of the
significance increases from left to right. Using this analysis, a large number of interaction effects can
be discarded. The main effects of the σF, Twafer and v are dominant in decreasing order. The linear
interactions between σF-Twafer and between σF-v are less significant. From the half-normal plot,
it is observed that the temperature of the gas diffusion plate (TGDP) is shown to have a very marginal
effect on the etch rate. A relatively lower dissociation rate of F2 is reported by Steudel et al. (degree of
dissociation, α ≈ 4%) at 1000 K [13], and (α < 1%) by Wicke et al. at 600 K [14]. The above reported
measurements are performed at the chamber pressure of around 1 bar. Incidentally, this is close to the
atmospheric pressure conditions that are used in our experimental set-up as well. Since almost no
dissociation of F2 is expected for the given experimental conditions, TGDP is expected not to influence
the etching process.

Apart from TGDP, all other parameters are shown to linearly influence the etch rate in the
experimental range of process parameters. Additionally, a linear interaction between σF-Twafer and
between σF-v is observed. These main and interaction effects can be intuitively understood by plotting
the marginal mean and confidence intervals, as in Figure 5.
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Figure 5. Plot of marginal means and confidence intervals showing interdependency of the most
significant factors affecting etch rate. The lines are guides to the eye.

As expected, an almost linear increase in the etch rate is observed for an increasing σF irrespective
of any values of v and Twafer. A decrease in v always leads to a higher etch rate, which implies that the
etch rate is increasing with the etching duration for each experiment. This is attributed to a possible
increase in surface roughness and additionally to an increase in local temperature in the wafer due to
the exothermic reaction between F2 and Si. In the latter case, the subsequent heat release increases the
reaction rate of the newly arriving F2 molecules with Si. An increase in σF leads to a higher availability
of F2 molecules for the reaction with Si surface. This suggests that the etching process is still limited
by the availability of F2 in the reaction chamber within the range of process parameters applied in
the experiment.

As per the rate equation, a higher temperature of silicon wafer is expected to enhance the etch
rate due to an increment in the rate constant of the etching reaction. Here, the influence of increasing
Twafer on etch rate is marginal for process conditions featuring lowest F2 concn. (σF = 1.67%) and
shortest process duration (v = 8 mm/s). For an increasing values of σF and v, the influence of Twafer

on the etch rate increases gradually. Meanwhile, for the combination of longest process duration
(v = 2 mm/s) and highest fluorine concentration (σF = 5%), Twafer is found to strongly influence the
etch rate. For instance, increasing Twafer = 200 ◦C to 300 ◦C resulted in a two-fold increment of the
silicon etch rate at σF = 5% and v = 2 mm/s.

3.1.2. Analysis of Rw as the Dependent Variable

From the half-normal plots, v, σF, and Twafer were identified as the main effects affecting Rw,
whereas the interaction effects between v-Twafer, and between v-σF are also dominant. In order to gain
more insights about the main and interaction effects, marginal means and confidence intervals of the
significant process parameters are plotted in Figure 6.
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Please note that for the lowest value of Twafer (Twafer = 200 ◦C), the graphs always show the same
trend of an increasing Rw for an increase in v irrespective of the σF used during the etching process.
For the Twafer = 300 ◦C, Rw shows an increasing trend for an increase in v; however, only for the lowest
σF = 1.67%. For the highest σF of 5%, the highest Twafer = 300 ◦C leads to an almost constant Rw

irrespective of the v used during the etching process. An optimum (lowest) value of Rw is achieved for
the etching performed with a combination of the lowest Twafer (200 ◦C), the highest σF (5%) and the
lowest v (2 mm/s).

3.1.3. Change in Surface Morphology

A dramatic change in surface morphology is observed for the change in Twafer if the etching is
continued for the longest time period (v = 2 mm/s), and is summarized in Figure 7. At the lowest
temperature (Twafer = 200 ◦C), Rw gradually decreases for an increasing value of σF The representative
cross-sectional SEM images indicate that anisotropic directional etching towards (100) direction occurs
at this particular value of Twafer for all values of σF, which results in the formation of conically shaped
nanostructures in the c-Si surface.

Figure 7. Cross-sectional SEM images of c-Si surfaces etched using constant velocity (v = 2 mm/s) using
different combinations of F2 concentration σF and temperature of the substrate Twafer. The direction of
the arrows represents an increasing value of Rw. The arrows represent an increasing value of Rw for
decreasing σF, whereas an increasing degree of isotropic etching for an increasing Twafer.

Here, a decrease in Rw for an increase in σF can be attributed to a higher density of nanostructures
in the unit wafer area and to an increase in average depth of nanostructures that provides a higher
grading of the refractive index from air to Si [15]. As the Twafer increases to 250 ◦C, the directionality of
the etching is disturbed and very shallow nanostructures start to form on top of the deeper cone-shaped
nanostructures. At an even higher Twafer = 300 ◦C, the deeper cone-shaped nanostructures almost
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disappear and the c-Si surface consists of only very shallow nanostructures, which, however, do not
follow anisotropic etching in (100) direction anymore. The changes in surface structure can be clearly
observed in the top-view SEM images of the etched surfaces, which are shown in Figure 8.

Figure 8. Top-view SEM images of c-Si surfaces etched with σF = 5% and v = 2 mm/s at Twafer of
(i) 200 ◦C, and (ii) 300 ◦C. The measured weighted surface reflection values are Rw ≈ 4% (Twafer = 200 ◦C)
and Rw ≈ 9% (Twafer = 300 ◦C).

The absence of anisotropic cone-shaped nanostructures and the formation of very shallow
nanostructures along various crystal planes of c-Si gradually increase the surface reflection. These very
shallow nanostructures lead to a “sponge”-like appearance of the c-Si surface. Figures 7 and 8 suggest
that an increase in Twafer value is mainly dominating the change in surface morphology. However,
it is observed that it is possible to compensate the effect of Twafer by tailoring the values of v and σF.
Cross-sectional SEM images of the surfaces that are etched at higher temperatures (Twafer = 250 ◦C and
Twafer = 300 ◦C), which, however, still show etching in (100), are shown in Figure 9.

Figure 9. Cross-sectional SEM images showing possibilities of anisotropic etching at (i) Twafer = 250 ◦C
(σF = 3.33%, v = 5 mm/s) and (ii) Twafer = 300 ◦C (σF = 5%, v = 8 mm/s). Both surfaces show an identical
Rw ≈ 11%. The etch rates are measured to be 0.9 µm/min and 2.3 µm/min at Twafer = 250 ◦C and
Twafer = 300 ◦C respectively.

These images provide a qualitative indication that the directional etching property can be
maintained to a certain extent even at higher temperatures if F2 availability and the duration of etching
are controlled. This will be discussed in Section 4.

3.2. Initiation of F2-Si Etching

Microscopic observations of F2 etched c-Si surfaces, which were subjected to HF dip and DI-water
rinse before performing the etching process, are used here to comment about the initiation of the F2-Si
etching process. Figure 10i presents the representative SEM images showing etch initiations in c-Si
surfaces etched for different durations. It can be observed that there are three distinct areas in this
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image: (i) region R1 with no observable etching, (ii) region R2 with small etch pits, and (iii) region R3
with a more vigorous etching and slightly larger and deeper etch pits.

Figure 10. SEM images showing etch initiations in freshly cleaned Si(100) surface after etching with a
velocity of (i) 6.5 mm/s, and (ii) 3.5 mm/s.

From the first observations, the initial etching seems to start locally at certain locations that feature
potentially higher local etch rates than others. Looking at R2 and R3, it becomes obvious that either
the nucleation of pits and/or the very initial phases of their propagation show an anisotropic nature
in Si(100). The preferential onset of etching for certain locations could be related to the formation of
non-homogeneous native oxide during the waiting time between DI-water rinse and F2-Si etching
process. Although native oxide is reported to have negligible growth until at least 100 min after
performing DI-water rinsing [16], heating of the Si wafer with Twafer > 170 ◦C could accelerate the
native oxide formation. The abundant pinholes in the oxide layer could provide reaction sites to start
the etching reaction. Besides the presence of oxide species, vacancies, defects, and atomic steps are
typically known to have a widespread presence in cleaned Si(100) surfaces [17]. Meanwhile, a local
increase in roughness of the Si surface during the preparation of wafers for etching (RCA cleaning [18],
HNO3/HF based cleaning [19], saw-damage etching) can also promote etching by providing reaction
sites. An account of F atoms adhering selectively at the reaction sites was reported previously for the
HF solution treated Si(100) surface [19].

The anisotropic behaviour of the initial etching becomes more pronounced in the Figure 10ii as
the inverted pyramid-like structures are clearly distinguishable. Additionally, a characteristic angle
of ≈55 degrees between (100) and (111) crystal planes is observed that indicates that the initial F2-Si
etching is anisotropic in nature. This is expected for the F2-Si etching system because of its sole chemical
nature. Anisotropic etching is a known phenomenon typically observed during the etching of Si by
alkaline solutions such as KOH, NaOH, TMAH, etc., and is due to the lowest density of surface atoms
in (100) among all crystal planes. The side-walls evolve in (111) plane, which is the slowest etching
plane due to a much higher density of Si-Si atoms.

3.3. Influence of Surface Termination on Activation Energy

Table 2 compares the activation energies of the F2-Si etching process measured in current
investigations to the ones that are previously reported by other authors for F/F2 based etching of Si.
It is observed that the surface reaction between F2 and Si shows Arrhenius behaviour with a negative
slope for an increasing temperature in all cases. This underlines the fact that the F2-Si etching reaction
is strongly dependent on surface temperature, and suggests that the reaction rate is limited by surface
reaction kinetics. It is observed that Ea is lowest for the freshly cleaned wafer, slightly increases for the Si
surface with native oxide, whereas it is almost twice as high when chemical oxide is grown. Meanwhile,
Ea calculated for the freshly cleaned Si(100) wafer in this experiment (Ea = 12.90 ± 0.13 kCal/mol) is
found to be almost 40% higher than the ones reported by Mucha et al. [20] and Chen et al. [21], which is
justified by the use of high vacuum in their etching apparatus. Furthermore, F atoms reportedly have
a significantly lower Ea [22]. Meanwhile, one should be extremely cautious to conclude the influence
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of temperature on the reaction mechanism just based on these ”apparent” Ea values. This is because
the formation and the decomposition of SiFx layer is reported to be temperature dependent and their
properties also govern the etch rate [23].

Table 2. Comparison of Ea of F2-Si etching estimated in this section to those measured by other
authors in various conditions. No previous account of estimation of Ea is available for F2-Si etching in
atmospheric pressure (Atm.) conditions.

Etching Species Starting Surface Ea (kCal/mol) Reactor Pressure Reference

F2 Si (100) after HF dip 12.9 ± 0.1 Atmospheric This work
F2 Si (100) with native oxide 13.7 Atmospheric This work
F2 Si (100) with HNO3 oxide 23.0 Atmospheric This work
F2 Si (100), Si(110), Si (111) 8.0 Vacuum [16]
F2 Si (100) 9.3 ± 1.8 Vacuum [17]
F Si (100) 2.5 ± 0.1 Vacuum [18]

4. Discussion

4.1. Etching Mechanism

It is observed that the main effects ofσF, Twafer, and v mainly determine the etch rate. An increasing
etch rate is obtained for a decreasing v, an increasing Twafer, and an increasingσF. In addition, interaction
effects are found to be marginally significant. The mutual interaction of parameters can be understood
using simple schematic in Figure 11, which shows the dependency of the reaction rate on different
process parameters. An increase in etch rate for a decreasing v is expected to be a cumulative effect of
a subsequent increase in surface roughness, and an increase in surface temperature ∆Tv due to the
exothermic reaction between F2 and Si. An increase in σF increases the reaction rate as per the rate
equation. Simultaneously, it also increases the Twafer due to the additional heat released ∆Tconcn. as a
result of an increased etch rate. A higher value of Twafer increases the rate constant (k), and thereby the
etch rate.

Figure 11. Schematics showing the influence of increasing concentration of the reactant (F2) and
increasing process duration (lowering v) on the resulting temperature and reaction rate of the exothermic
reaction system we are analysing here. Here, the temperature dependence of the rate constant (k) is
shown by the Arrhenius equation with A as pre-exponential factor, Ea as activation energy, and R as
the ideal gas constant.

At a particular time t after the onset of the chemical reaction, for the case that the set temperature
of the wafer substrate holder (Twafer) is kept constant but σF and the etching duration is increased,
the effective local temperature of the Si wafer (TSi) can be defined as:

TSi = Twa f er + ∆Tv + ∆Tconcn., (2)

where Twafer represents the initial set temperature of the wafer, and ∆Tv + ∆Tconcn. represents the
increase in wafer temperature due to the heat released depending on the duration of the etching process
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that also featured an increase in σF. Based upon experimental observations, it can be asserted that the
absolute value of Twafer is much higher than the factor ∆Tv + ∆Tconcn. within the experimental range of
process parameters.

Based on the results and above discussion, a schematic model of the etching process is presented
in Figure 12.Nanomaterials 2020, 10,  12 of 16 
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Figure 12. Schematic model of the etching process to explain anisotropic and isotropic etching of Si
with F2 depending upon the local Si surface temperatures (TSi).

The F2-Si reaction is expected to start initially at the reactive sites present in the starting c-Si
surface, which is freshly cleaned (H-terminated). The reactive sites could be present due to (a) masking
of Si by oxide islands, (b) inherent atomic-scale defects (defects, vacancies, steps) in the surface,
and (c) evolution of very fine roughness from the preceding cleaning processes that included oxidizing
agents. The differences in local etch rates lead to the nucleation of etch pits. Although the presence
of native oxide islands definitely leads to a micro-masking and adds to the inhomogeneous etching
behaviour of wafer locations in micron- and nano-scale, the preferential etching behaviour of F2 already
starts in the atomic scale and is proven by the STM measurements of Nakayama and Weaver [24].
Therefore, it is expected to be the major driving force in the nucleation of pits. It is proposed that the
effective temperature of the wafer (TSi) mainly determines the anisotropic nature of the etching in
our experimental conditions. TSi is a function of set wafer temperature (Twafer) and the temperature
increase (∆T). The latter is the combination of the heat release during the F2-Si etching process for the
particular velocity (∆Tv) and σF (∆Tconcn.). According to Figure 11, the change in σF and v directly
influences the resulting local temperature of the wafer. If the effective local temperature (TSi) is less than
a certain value, an anisotropic and directional etching of c-Si occurs. We call this value of TSi as Tcritical.

The initial etching is crystal-orientation dependent and leads to the formation of anisotropic
features preferably in (100). An increase in surface temperature simultaneously increases the kinetic
energy (K.E.) of the adsorbed F2 molecules. This leads to an easier surface diffusion of the ad-atoms
and allows them to relocate and bind to the reactive sites in the Si surface. This would lead to a faster
etching. Furthermore, a higher surface temperature increases the fraction of molecules that have K.E.
larger than the required activation energy to proceed with the reaction. This leads to higher etch
rates in all crystal planes and an increase in the isotropic nature of etching. Additionally, the rate of
formation of product species and its subsequent desorption from the Si surface also increases with an
increase in surface temperature. An account of an increasing desorption probability of SiFx species at
higher temperatures is previously discussed by Winters and Coburn [23]. These product species are
likely to behave as micro-masks on the Si wafer surface and their degradation with the temperature
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frees the reactive sites to the incident F2 molecules. Hence, a more directional and anisotropic etching
is to be expected at the lower effective temperature of Si (TSi < Tcritical), which leads to the formation of
density grade nanostructures in (100) direction. The anisotropic etching mechanism holds true as long
as the condition TSi < Tcritical remains true, after which a competition between the anisotropic and the
isotropic etching occurs. For TSi > Tcritical, isotropic etching is dominant and no deeper density grade
structures are formed on the etched c-Si surface.

4.2. Nanostructure Properties

Obviously, for Si(100), process parameters should be chosen to maintain a directional etching,
which allows formation of deep density graded nanostructures and lower RW. By maintaining
these conditions, it is observed in SEM investigations that the microscopic etch pits progresses into
nanostructures with definite geometrical shapes. Figure 13 plots the surface enlargement factor Sf of the
etched surfaces formed at different stages of etching. Here, process duration is varied to achieve various
Si removal during etching, whereas all other process parameters (Twafer = 200 ◦C, QF2+N2 = 24 slm,
σF = 5.0%) are kept constant. The process parameter combinations are chosen to ensure directional
etching in (100), which is verified by using SEM investigations.

Figure 13. Surface enlargement factor (Sf) of textured surfaces estimated by using atomic layer
deposited (ALD) deposition method and by atomic force microscopy (AFM) measurements. The dotted
lines represent the linear fit to the data values. For comparison, Sf of an ideal alkaline (pyramid) texture
is also plotted.

Here, Sf of the planar wafer (Si removal = 0 µm) wafer is measured to be 1.03. Meanwhile,
Sf increases almost linearly with increasing Si removal during the etching process, leading Sf ~3.0 at
1.7 µm of Si removal. Figure 14 plots the extracted dimensions of the nanostructures formed after a
different amount of Si removal.

An increasing removal of Si, the mean value of nanostructure depth (dN) increases dramatically
from 260 nm to up to 1822 nm. In the case of nanostructure width (w), an increase in the mean value
of w is not clearly distinguishable due to a large standard deviation associated with the estimated
data. Therefore, the influence of an increasing period of nanostructure on the surface reflection value is
considered here as non-significant. Nevertheless, it should be noted that the maximum value of w
is smaller than the wavelengths (λlight) that are most important for Si photovoltaics (400–1000 nm).
Under conditions of w ≤ λlight, the lowering of surface reflection occurs either due to the formation of
effective medium (w << λlight) and/or diffraction optics (w ≈ λlight).
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Figure 14. Plots showing change in (i) depth (dN) and (ii) width (w) of nanostructures for an increasing
amount of Si removal during ADE process.

In Figure 15i, measured weighted surface reflection (Rw) values are plotted against the estimated
depth of nanostructures (dN). Rw decreases gradually with an increasing value of dN and the trend
can be very well fitted by an exponential decay function (R2 = 0.98). Meanwhile, the saturation of Rw

occurs once the depth of the nanostructures exceeds a certain value. For instance, the weighted surface
reflection value falls to Rw ≈ 5% for dN ≈ 700 nm and to a low value of Rw ≈ 2% for dN ≈ 1100 nm in the
case of ADE nanotextured surfaces. In Figure 15ii, the normalized reflection value is plotted against the
ratio of depth to wavelength (dN/λ). The normalization of the reflection value (Rm) at each wavelength
is performed with the measured reflection value of a saw damage-etched planar c-Si surface (R0).

Figure 15. Plots showing (i) exponential reduction of normalized reflection for an increasing depth of
nanostructures, and (ii) Rm/R0 at each value of dN/λ of nanotextured surfaces.

The influence of the scattering is minimized by not considering the wavelengths lower than 400 nm.
Such a dimensionless quantity (dN/λ) was previously used to explain the influence of nanostructures
formed after MCCE on the surface reflection value [15]. The progression of nanostructure geometry is,
however, significantly different for ADE texture compared to MCCE texture. Here, a scatter of the data
points is observed, which is attributed to the possible systemic errors in extraction of nanostructure
dimensions from SEM images. Nevertheless, the reflection Rm as a function of dN/λ can be very well
fitted by an exponential decay function (R2 = 0.97).

Rm(dN, λ) = R0(dN, λ)
(
A1× exp

(
−

dN

λ× t1

)
+ y0

)
(3)

The exponential decay fit to the above equation gives y0 = 0.07, A1 = 0.93, and t1 = 0.35. The plot
suggests that the reflection of the nanostructured surface decreases to less than 10 times the value of the
SDE surface if the depth of the nanostructure is comparable to the wavelength of interest, i.e., dN/λ ≈ 1.
It was observed that in our case, the required values of grade depth to reach Rm/R0 below 5% are
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higher (dN/λ ≥ 2) than the ones observed [15] for MCCE structures (dN/λ ≥ 1). This is attributed to a
higher lateral dimension of ADE nanostructures in comparison to MCCE nanostructures.

5. Conclusions

In this paper, an alternative dry etching process is developed for its application in c-Si solar
cells. The dry etching process utilizes spontaneous etching of Si by F2 gas in atmospheric pressure
conditions. The etching processes result in the formation of surface structures with dimensions in
the sub-micron range, also known as nanostructures. Etching of Si by F2 gas starts anisotropically
and inverted pyramid-like structures are observed at the onset of etching. It is observed that the
etching begins non-homogeneously in the Si surface. This phenomenon is attributed mainly to an
accelerated attack of F2 on surface defects and on the surface sites that are free from native oxide
islands. It is proposed that the etching conditions result in an effective local surface temperature that is
higher than a certain critical temperature, a highly isotropic etching of Si occurs and a ”porous” looking
Si surface is formed. In the other case, nanostructures with well-defined geometry and characteristic
dimensions in sub-micron range are formed. Process parameters can be varied to reach even lower
Rw values for an increasing Si removal during the etching process. This is correlated to an increase
in the characteristic depths of the nanostructures, which dramatically lowers the weighted surface
reflection (Rw) of c-Si in the wavelength spectrum of 400–1000 nm, the main range of interest for c-Si
solar cells. As a consequence, a low value of weighted surface reflection Rw ≤ 2% is achievable due to
the formation of black silicon-like features.
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Abstract: A new approach for the synthesis of nanopowders and thin films of CuInGaSe2 (CIGS)
chalcopyrite material doped with different amounts of Cr is presented. The chalcopyrite mate-
rial CuInxGa1 − xSe2 was doped using Cr to form a new doped chalcopyrite with the structure
CuInxCryGa1 − x − ySe2, where x = 0.4 and y = 0.0, 0.1, 0.2, or 0.3. The electrical properties of CuInx

CryGa1 − x − ySe2 are highly dependent on the Cr content and results show these materials as promis-
ing dopants for the fabrication thin film solar cells. The CIGS nano-precursor powder was initially
synthesized via an autoclave method, and then converted into thin films over transparent sub-
strates. Both crystalline precursor powders and thin films deposited onto ITO substrates following a
spin-coating process were subsequently characterized using XRD, SEM, HR-TEM, UV–visible and
electrochemical impedance spectroscopy (EIS). EIS measurement was performed to evaluate the
dc-conductivity of these novel materials as conductive films to be applied in solar cells.

Keywords: chalcopyrite compounds; nanocrystals; hydrothermal; spin coating; EIS; conductivity

1. Introduction

In the past decade, the photovoltaics (PV) technology has strongly evolved and even
reached grid parity with other conventional energy sources [1]. In this regard, significant
advances have been reported after long time of investigation in the field of thin film solar
cells technology [2,3]. Although silicon has been the dominant material in the market
of PV technology, others thin films options such as cadmium telluride (CdTe), copper
indium gallium disulfide (CIGS2), and copper indium gallium diselenide (Cu(In,Ga)Se2,
CIGS) materials, which are capable of maintaining constant their efficiency for more than
15 years, have recently reached conversion efficiencies of 22.1% and 22.6%, respectively [4,5].
Furthermore, other new emerging technologies such hybrid perovskite solar cells have
also improved efficiencies up to 22.1% in the past years [6–9]. This massive development is
mainly dependent on the economic situation, as global prices have increased in the recent
years in combination with the fuel sources depletion [10].

The first practical solar cell reported in the 1950s was mainly formed of crystalline
silicon and with an efficiency around 4.5% [11]. Since then, a considerable increase in the
materials used in the 1970s reached tens of absorbers. Afterwards nanotechnology and
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materials science have grown exponentially since the 1990s. This blossoming enriched the
PV field and led to significant advances in this field. The most relevant output production
of that era was the synthesis of CdTe and CIGS materials [12–15]. From the point of
view of material properties, the solar cells are generally divided into two basic categories:
bulk and thin-film solar cells [16,17]. The first group is made of monocrystalline silicon
or polycrystalline silicon materials, whereas thin film photovoltaic cells are based on
solution processable semiconductors. Materials such as CIGS and other materials from
the same family have emerged as promising candidates to be used in thin-film solar
cells due to their high absorption coefficient, changeable bandgap, and resistance to photo-
degradation [18–21]. CIGS thin films are generally fabricated using non-vacuum techniques,
such as co-evaporation and sputtering techniques [22]. However, vacuum methods have
several drawbacks such as high cost, difficulty to produce large area coatings and low
yields. One of the critical disadvantages facing CIGS development is the multistage
processes such as co-evaporation and two-step processes involving sputtering followed by
a selenization stage [17–28].

On the other hand, film deposition using non-vacuum techniques are at present the
most widely used in industrial applications because they offer an apparent alternative
to vacuum-based processes such as colloidal methods, sol–gel [29,30], paste coating [31],
inkjet printing [32], and solvothermal processes [33,34]. From all of them, the solvothermal
method constitutes the most competitive process, mainly due to the low cost and high
efficiency, and actually has a great demand in the production of solar cells at the industrial
scale [35]. Pre-deposition, co-evaporation incorporation, and post-deposition incorporation
are the main strategies of deposition generally used for thin film preparation of CIGS
chalcopyrite materials [36].

The doping process reported in the literature is mostly focused on alkali doping
and some for-trace metal impurities incorporated from substrate material to absorption
layers [37,38]. Alternative doping agents in the CIGS layer such as Fe impurities on the
photovoltaic properties of the solar cells [39–41], and other metals such as Mn, V, Ti, Cr, Ni,
and Al have also been evaluated on the performance of the solar cells [42,43]. However, a
thorough study of how these impurities can act as defects, and influence on the electronic
properties of the material is still scarce for the family of CIGS compounds.

Herein, we used a pre-deposition incorporation process form the preparation of CIGS
compounds, which incorporates Cr in the precursor solution to afford the starting material
of precursor powders. The thermal treatment performed was provided using autoclave
(solvothermal) method. This precursor powders were used in in the preparation of thin
films. In particular, we focused on the preparation of CuInxCryGa1 − x − ySe2 with x = 0.4
and y = (0.0, 0.1, 0.2, 0.3) with a well-controlled particle size in the order of nanometers.
The crystalline precursor powders and thin films deposited onto indium tin oxide (ITO)
glass substrates using a spin-coating process were subsequently characterized using X-ray
diffraction (XRD), field emission scanning electron microscopy (FE-SEM), high-resolution
transmission microscopy (HR-TEM), energy dispersive X-ray spectroscopy (EDX), UV–
visible and electrochemical impedance spectroscopy (EIS). The analysis of results allowed
us to quantify which is the doping percentage of Cr in the CuIn0.4Ga0.6Se2 structure.

2. Materials and Methods
2.1. Synthesis of CuInxCryGa1 − xSe2 Nano-Crystalline Precursor Powders

CuInxGa1 − xSe2 was synthesized by the solvothermal method. For this, powders of
Cu (99.9%), Se (99.99%), GaI3 (99%), and InCl3 (99.999%) from Sigma–Aldrich were used
as copper, selenium, gallium, and indium sources, respectively. Cr(ClO4)3 was used as
Cr3+ source and ethylenediamine (99.5%, Sigma–Aldrich Química SL, Madrid, Spain) was
used as solvent. All compounds were introduced in a nitrogen-filled glove box and oxygen
below 1 ppm. The amount of each precursors was 2 mmol of the copper elemental powder,
1 mmol of indium, gallium metal sources, and 4 mmol of selenium powder, respectively.
Chromium percentage was calculated for every batch process in order to prepare different
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Cr and Ga series at a fixed indium percentage to get this structure CuInxCryGa1 − x − ySe2
with x = 0.4 and y = (0.0, 0.1, 0.2, 0.3).

All precursors were weighed and stirred overnight with a suitable amount of solvent.
The stirred solution was then loaded into a Teflon autoclave container and annealed in
an open-air oven for 36 h at 220 ◦C. The resultant product was washed several times
using ethanol and distilled water to remove excess by-product or impurity materials.
Centrifuging and ultra-sonication processes were repeated every washing time. The
centrifuging process were conducted for 10 min at 4000 rpm. Finally, the completely
purified precursor powders were dried at 100 ◦C for 2 h, and a black nano-crystalline
powder of CuInxCryGa1 − x − ySe2 was obtained.

2.2. Synthesis of the CuInxCryGa1 − xSe2 Thin Films

All the collected synthesized precursor powders were washed several times with
distilled water and ethanol in order to remove all sub product residue chemicals. These
washed powders were then dried in open-air drier at 100 ◦C for 2 h. After this the
powders were loaded into the glove box redispersion in the same preparation solvent
as and left for stirring overnight then filtered using 0.2 µm mesh filters. Completely
clear dissolved filtered precursors solution of the prepared nanocrystalline powders were
obtained available for further processes.

Indium tin oxide (ITO) glass substrates were cut down into small pieces of the desired
surface area. Cleaning process of the glass substrate were applied by washing the substrates
using soap, water, ethanol, and acetone ultrasonically, dried, and then introduced into the
glove box. The dissolved nanocrystalline precursor solution was then transformed to thin
films by spin coating process. Metal salts nano-crystalline precursor powder to solvent
ratio were taken in consideration (1:3). Supplementary Figure S1 depicts the setup use
for the synthesis of CuInxCryGa1 − xSe2 thin films. Subsequent thermal treatment using a
pre-heated hot plate was applied for improving the crystal structure and reach the required
film thickness.

2.3. Characterization of CuInxGa1 − xSe2 Nano-Crystalline Powders and Thin Films

X-ray diffraction (XRD) was used to characterize the crystalline structure and phase of
the prepared powder. The measurements were recorded in 2θ range from 20 to 65◦ with a
Rigaku Ultima IV diffractometer in the Bragg–Bentano configuration using CuKα radiation
(λ = 1.54060 Å). The particle size and morphology of the resultant CIGS precursor powder
were characterized by field emission scanning electron microscopy (FESEM) of model Zeiss
ULTRA 55 equipped with In-Lens and secondary electrons detectors. High-resolution
transmission microscopy (HRTEM, 200 KV) JEOL Model: JEM-2100F (Tokyo, Japan) were
used to study the crystalline structure and morphology of nanowire arrays. The chemical
composition and the purity of the samples were characterized using energy dispersive
X-ray spectroscopy (EDX). Finally, an Novocontrol broadband dielectric spectrometer (BDS)
(Hundsangen, Germany) integrated by an SR 830 lock-in amplifier with an alpha dielectric
interface was used for measuring the conductivity of the resultant precursor powders.

2.4. Electrochemical Impedance Spectroscopy (EIS) Measurements

The powders conductivity in the transversal direction were measured by impedance
spectroscopy in the frequency interval of 10−1 < f < 107 Hz applying a 0.1 V signal amplitude
to ensure the linear response in a range of temperature between 20 and 200 ◦C. The
measurements were carried out in dry and wet conditions using a Novocontrol broadband
dielectric spectrometer (BDS) (Hundsangen, Germany) integrated by an SR 830 lock-
in amplifier with an Alpha dielectric interface was used [44–46]. The powders were
previously dried in a vacuum cell and their thicknesses were measured afterwards using
a micrometer, taking the average of 10 measurements in different parts of the surface.
Next the samples were sandwiched between two gold circular electrodes coupled to the
impedance spectrometer acting as blocking electrodes. Before to start the measurement
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the assembly powder-electrode was annealed in the Novocontrol setup under an inert dry
nitrogen atmosphere. For this, firstly a temperature cycle from 20 to 200 ◦C and then from
200 to 20 ◦C, in steps of 20 ◦C, was carried out. After this, in a new cycle of temperature
scan, the dielectric spectra were collected in each step from 20 to 200 ◦C, this cycle was
named dry conditions. This was performed to ensure the measurements reproducibility
and to eliminate the potential interference of water retained, in particular considering the
hygroscopicity of the CIGS. For the measurements in wet conditions the samples were
previously dissolved in bi-distilled water in the ratio 40:60 wt % (sample:water). The
obtained paste was subsequently sandwiched between two gold electrodes. During the
measurements in wet conditions, the sandwiched powder between the two electrodes were
kept in a BDS 1308 liquid device, coupled to the spectrometer following the experimental
process following a described procedure [47–50]. During the conductivity measurements,
the temperature was maintained (isothermal experiments) with a stepwise of 20 ◦C from
20 to 200 ◦C controlled by a nitrogen jet (QUATRO from Novocontrol) with a temperature
error of 0.1 K during every single sweep in frequency. From the frequency dependence of
complex impedance Z*(ω) = Z′(ω) + j·Z′′(ω), the real part of the conductivity is given as
Equation (1)

σ′(ω) =
Z′(ω) · L[(

Z′(ω)
)2

+
(
Z′′(ω)

)2
]
· S

=
L

R0 · S
(1)

where L and S are the thickness and area of the sample sandwiched between the electrodes,
respectively, and R0 the resistance of the sample.

3. Results and Discussion
3.1. Synthesis of CuInxCryGa1 − x − ySe2 Nanocrystals

CIGS nanocrystals were synthesized via the solvothermal method by mixing the
corresponding amounts of the source materials (see Materials and methods for a full
description of the synthesis), in this case Cu, Se, GaI3, InCl3, and Cr(ClO4)3, at the desired
stoichiometry in ethylenediamine as solvent (Figure 1). In our methodology, the In/Ga ratio
was varied from 0 to 1. The solution was then loaded into a Teflon autoclave container and
annealed in an open-air oven for 36 h at 220 ◦C. The resultant powder was washed several
with ethanol and water. Then, the solid centrifugated at 4000 rpm and ultra-sonicated to
finally give a black nano-crystalline powder of CuInxCryGa1 − x − ySe2.
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Figure 1. Schematic representation of the preparation of CIGS nanoparticles.

3.2. Structural Study
3.2.1. XRD of the Precursor Powder

Figure 2a shows the XRD pattern of the prepared sample with a chalcopyrite structure.
Three sharp diffraction peaks were obtained, which confirms a chalcopyrite (tetragonal)
phase structure corresponding to CuIn0.4Ga0.6Se2. The diffraction peaks match well to
standard CIGS file (PDF card no. 00–035–1101). The three peaks observed were identified
as a pure phase of the CuInxGa1 − xSe2 chalcopyrite phase with no secondary phases. The
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main peaks of CIGS powders correspond to crystallographic planes labelled as (112) at
27.36◦, (204)/(220) at 2θ = 45.35◦, and (116)/(312) at 2θ = 53.62◦, respectively, in agreement
with similar materials [51].
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Figure 2. XRD patterns of (a) CuIn0.4Ga0.6Se2 precursor nanocrystals and (b) CuIn0.4Cr0.1Ga0.5Se2 and CuIn0.4Cr0.2Ga0.4Se2

precursor nanocrystals both prepared by autoclave hydrothermal method.

Figure 2b displays the XRD pattern for CuIn0.4Cr0.1Ga0.5Se2 and CuIn0.4Cr0.2Ga0.4Se2
nano-powders. In the case of CuIn0.4Cr0.2Ga0.4Se2 powders, only the crystallographic peaks
corresponding to chalcopyrite CIGS structure could be observed, i.e., (112) peak located
at 26.94◦, (204)/(220) peaks at 2θ = 44.88◦, and (116)/(312) at 2θ = 53.22◦, respectively.
The main characteristic peaks for the CuIn0.4Cr0.1Ga0.5Se2 samples were located at 26.93◦,
44.77◦, and 53.03◦, respectively, whereas they were combined with a subsidiary wurtzite
Cu2-xSe phase located at 27.35◦, 45.48◦, 53.79◦, respectively, shifted to higher 2θ degrees [52].
On the other hand, the sample of CuIn0.4Cr0.1Ga0.5Se2 displayed the main characteristic
peaks of chalcopyrite CIGS in addition to some wurtzite Cu2-xSe peaks. Herein, every
peak is built up by combination of two divided peaks like camel humps (like it has been
doubleted), which can be attributed to the presence of a small percent of Cr(III) ions in
the crystal lattice. The incorporation of ions with three electrons in the 3d shell and spin
up, and the 3d10 configuration of Cu(I) ion results in one unique hole in the 3d shell,
because the spin of the Cu(I) ion is aligned antiparallel to that of Cr(III) ion. These holes are
supposed to be delocalized and occupy the states in a narrow d band. The metallic behavior
is associated with the t2g orbital of these delocalized Cu(I) holes. Therefore, we expect here
a strong competition between Cu2-xSe wurtzite phase formation and CuIn0.4Cr0.1Ga0.5Se2,
which result in the formation of both phases.

In CuIn0.4Cr0.2Ga0.4Se2 samples, where the percentage of Cr(III) is equal to 20% which
is higher than in CuIn0.4Cr0.1Ga0.5Se2 samples, the increase in Cr(III) content affects to the
CuInxCryGa1 − x − ySe2, (x = 0.4 and y = 0.0, 0.1, 0.2, 0.3) chalcopyrite phase formation. The
CuIn0.4Cr0.3Ga0.3Se2 has 30% of Cr(III) ions in addition to Ga(III) ions, which leads to a
competition between Cr(III) and Ga(III) ions rather than the stated competition between
Cr(III) and Cu(I) ions.

The mean crystallite size of the prepared polycrystalline CIGS was calculated accord-
ing to Scherer’s formula (Equation (2))

D =
Kλ

βcosθ
(2)

where β is the full width at half maximum (FWHM), λ is the wavelength of X-rays (1.5418 Å),
K is the Scherer’s constant which depends on the crystallite shape and is close to 1, and θ is
the Bragg angle at the center of the peak.

The obtained XRD patterns can be assigned to a tetragonal CuIn0.4Ga0.6Se2 crystallo-
graphic phase (PDF card no. 00–035-1101) with a preferred orientation along the (112) plane.
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No other stoichiometric composition of CIGS was obtained. The well-defined and sharp
diffraction peaks indicated that the material showed good crystallinity and evidences the
absence of any additional diffraction peaks of possible binary phases or impurities. Table 1
shows the measured position of the 112-diffraction peak, its FWHM, and the crystalline
size for all CuInGaSe2 with different contents of Cr. The crystalline size ranges from 10 to
20 nm depending on the Cr content in the powders.

Table 1. XRD parameters and crystallite size of CIGS nano-crystalline precursor powders

Sample Name hkl 2θ (◦) FWHM Crystallite Size (nm)

CuIn0.4Ga0.6Se2 112 27.36 0.39 20.3 ± 0.6
CuIn0.4Cr0.1Ga0.5Se2 112 26.92 0.83 10.2 ± 1.2
CuIn0.4Cr0.2Ga0.4Se2 112 26.94 0.48 17.4 ± 0.8
CuIn0.4Cr0.3Ga0.3Se2 112 27.59 0.41 18.1 ± 0.5

3.2.2. XRD of CIGS Thin Films

After characterizing the CIGS nanoparticles, we evaluated their structure after de-
position on indium tin oxide (ITO) glass substrates and fabrication of thin films by spin
coating process. Figure 3a shows the XRD graph of the thin film CuIn0.4Ga0.6Se2 on the
ITO substrate. XRD patterns are consistent with chalcopyrite (tetragonal) crystal structure
and exhibit a peak broadening due to their nanoscale crystal size. The diffraction peaks
shift to lower 2θ degrees with decreasing Ga content by incorporation of Cr(III) ions in
Ga(III) sites. The increase in the lattice spacing is due to smaller Cr atoms substituting for
larger Ga atoms which in turn lead to a significant change in lattice parameters values.
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Figure 3. XRD patterns of thin film deposited onto ITO by spin coating process of (a) CuIn0.4Ga0.6Se2 substrate,
(b) CuIn0.4Cr0.1Ga0.5Se2 and CuIn0.4Cr0.2Ga0.4Se2, (c) CuIn0.4Cr0.3Ga0.3Se2.

The stoichiometric compound Cu(In,Ga)Se2 crystallizes in the tetragonal chalcopyrite
type crystal structure with space group I-42d (122). Within this crystal structure the
monovalent cations of Cu(I) occupy the 4a site (0 0 0), the trivalent cations of In(III) and
Ga(III) are located on the 4b position (0 0 1

2 ) and the selenium anions are on the 8d site
(x 1

4
1
8 ). The cations are tetrahedrally coordinated by the anions and vice versa, substitution

of Ga(III) ions with Cr affect lattice values due to the difference in atomic radius of both
Cr and Ga atoms. In general, the absorbing layers of Cu(In,Ga)Se2 exhibit a poor copper
composition (Cu/(In + Ga) < 1), whereby the chalcopyrite-like crystalline structure persists
together with the occupation of the sites of Wyckoff. This can cause specific changes
due to possible defects in the material. As a consequence, there is a strong correlation
between the concentration of these defects and the electronic and optical properties of
the material, which can be especially interesting to adapt to high-efficiency photovoltaic
devices. All the doped samples with Cr showed an enhancement in the lattice value
corresponding to the FWHM value for CuIn0.4Ga0.4Se2. We notice the main characteristic
peaks of CuIn0.4Ga0.6Se2 and those characteristics of ITO, which were located at 2θ = 30.58◦
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and 35.48◦, respectively [53]. A well-defined crystallographic chalcopyrite structure with
all preferred orientation a long 112, (204)/(220) and (116)/(312) for CuIn0.4Ga0.4Se2 at
2θ = 27.49◦, 2θ = 45.37◦, and 2θ = 53.36◦ is clearly observed.

The XRD patterns of the thin film for CuIn0.4Cr0.1Ga0.5Se2 and CuIn0.4Cr0.2Ga0.4Se2
on ITO substrate are displayed in Figure 3b. We notice those main characteristic peaks
of CuIn0.4Cr0.2Ga0.4Se2 clearly at 2θ = 27.18◦, 2θ = 44.68◦, and 2θ = 53.33◦ and those
characteristics of ITO. Wurtzite Cu2-xSe phase was observed by thin film formation in
both of CuIn0.4Cr0.1Ga0.5Se2 and CuIn0.4Cr0.2Ga0.4Se2, whereas it is observed in a small
percent for CuIn0.4Cr0.2Ga0.4Se2 thin film samples. The CuIn0.4Cr0.1Ga0.5Se2 thin film
structure characteristic peaks were observed at 2θ = 26.72◦ and 27.36◦, 2θ = 44.52◦ and
45.45◦, and 2θ = 52.99◦ and 53.67◦ for 112, (204)/(220) and (116)/(312), respectively. The
peaks duplicity is clearly observed for CuIn0.4Cr0.1Ga0.5Se2 thin film structure than those
of CuIn0.4Cr0.2Ga0.4Se2. On the other hand the pure well defined highly oriented 112,
(204)/(220) and (116)/(312) peaks for CuIn0.4Cr0.2Ga0.4Se2 were identified. As shown
in Figure 3c, which shows the XRD graph of the thin film CuIn0.4Cr0.3Ga0.3Se2 on ITO
substrate, the characteristic peaks of CuIn0.4Cr0.3Ga0.3Se2 at 2θ = 26.96◦, 2θ = 44.78◦,
and 2θ = 53.94◦ were observed. Mixture of copper selenide phases are very apparent in
the XRD pattern for the CuIn0.4Cr0.3Ga0.3Se2 sample—i.e., covellite Cu2-xSe and CuSe2—
which is due to the stated confliction between both Cr(III) and Cu(I) ions at definite
amount of incorporated Cr(III) ions that results in impurity phase formation structure.
Using Scherrer formula the crystal size of all the prepared thin films of CuIn0.4Ga0.4Se2,
CuIn0.4Cr0.1Ga0.5Se2, CuIn0.4Cr0.2Ga0.4Se2, and CuIn0.4Cr0.3Ga0.3Se2 were calculated. It
was found that the crystal size is equal to 20, 10, 17, and 18 nm for all the prepared samples
of the structure where x = 0.4 and y = 0.0, 0.1, 0.2, 0.3, respectively. As inferred from Table 2,
the FWHM of CuIn0.4Cr0.1Ga0.5Se2 thin film sample show remarkable higher value than
those of CuIn0.4Ga0.6Se2, CuIn0.4Cr0.2Ga0.4Se2, and CuIn0.4Cr0.3Ga0.3Se2. This remarkable
increase of FWHM value is similar to those FWHM values of the grown samples, which
confirms the structure defects and the stablished competition between Cr(III) and Cu(I)
ions in the unit cell structure of those with low Cr% = 10, and Cr% = 30. The weak broad
peak in the XRD pattern of this CIGS nanoparticle film is indexed to the (112) plane of a
CIGS chalcopyrite crystal structure, which also implies that the film is very thin and not
high in crystallinity due to its low annealing temperature [54].

Table 2. XRD parameters and crystallite size of CIGS nano-crystalline thin films for the 112 peak

Sample Name 2θ (◦) FWHM Crystallite Size (nm)

CuIn0.4Ga0.6Se2 27.5 0.40 20.2 ± 1.3
CuIn0.4Cr0.1Ga0.5Se2 27.0 0.80 10.2 ± 0.5
CuIn0.4Cr0.2Ga0.4Se2 27.2 0.50 17.1 ± 1.2
CuIn0.4Cr0.3Ga0.3Se2 26.7 0.44 18.0 ± 1.1

3.3. FE-SEM Analysis
3.3.1. FE-SEM Analysis of CIGS Nano-Crystalline Powders

The particle size and morphology of the resultant CIGS was evaluated by FE-SEM. Fig-
ure 4 shows FE-SEM images for CuInxCryGa1 − x − ySe2 where x = 0.4 and y = (0.0, 0.1, 0.2,
0.3) nanocrystals (see Supplementary Figure S2 for images at 2 µm). According to FE-SEM
images of the nano-crystalline precursor powders, CuIn0.4Ga0.6Se2, CuIn0.4Cr0.1Ga0.5Se2,
CuIn0.4Cr0.2Ga0.4Se2, and CuIn0.4Cr0.3Ga0.3Se2 contain agglomerates of spherical particles
and some tetragonal and plate like shapes. Some tetrahedron hexagonal phases were
determined in both CuIn0.4Cr0.1Ga0.5Se2, CuIn0.4Cr0.2Ga0.4Se2, and CuIn0.4Cr0.3Ga0.3Se2,
in consistency with the XRD results. Those tetrahedron and hexagonal structures refer to
the presence of Cu2-xSe and CuSe2 phases in a complete matching with the XRD peaks
referred to CuSe phases. Those tetrahedron and hexagonal structures refer to the presence
of Cu2-xSe and CuSe2 phases in a complete matching with the XRD peaks referred to CuSe
phases [55]. For the FE-SEM images of CuIn0.4Ga0.6Se2 nano-crystalline powders only
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those spherical of the chalcopyrite structure are present. No other morphologies have
been observed, which in turn confirms the XRD data and of crystal structure and particle
size calculations.
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nano-crystalline powders at 100 nm.

The structures of the prepared precursor powders provide a promising feedback
about the expected thin films surface morphology, which resemble the nano crystalline
precursor powders. The average particle size is approximately (10–20 nm) in accordance
with the HRTEM and XRD crystallite size. Such characteristic properties will play a
vital role in the deposition process of the CIGS thin films. Particle size, morphology,
uniformity, homogeneity, adhesion and cohesion of the prepared precursor powders; all
these properties will affect the nature of the resultant films by any formation process. In
general, one aims for particulate precursor powders with a few hundred nanometers and
good uniformity in particles shape will lead to a sufficient adhesion to the substrate and
sufficient cohesion of one particle to another, as shown in Figure 4.

3.3.2. FE-SEM Analysis of CIGS Thin Films

FE-SEM images for the prepared thin films containing CuIn0.4Ga0.6Se2, CuIn0.4Cr0.1Ga0.5Se2,
CuIn0.4Cr0.2Ga0.4Se2, and CuIn0.4Cr0.3Ga0.3Se2 at 20 µm are shown in Figure 5. All films
displayed a homogenous nano-crystalline particle distribution after deposition using the
spin-coating process.
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thin films at 20 µm.

3.4. HR-TEM Analysis

Figure 6 shows HR-TEM images of the CuIn0.4Ga0.6Se2 at different magnification
scales. The d-spacing between crystallographic planes is shown in Figure 6g,h, and cor-
responds to 3.32 Å. This lattice spacing corresponds to tetragonal CuInxGa1 − xSe2 in
accordance with the XRD peaks of the chalcopyrite CuInxGa1 − xSe2 [56].
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CuIn0.4Ga0.6Se2.

Therefore, we can conclude that the crystallinity of the tetragonal chalcopyrite
CuIn0.4Ga0.6Se2 maintains a structure basically composed by nanocrystals of approxi-
mately less than 20 nm in diameter. The d-spacings observed in HR-TEM images are also
consistent with tetragonal CuInxGa1 − xSe2 chalcopyrite phase and no other crystal phases
were observed in accordance with the XRD pattern of the prepared powder. The HR-TEM
images show well defined small grains of a few tens of nanometers in agreement with the
observed results by FE-SEM (Figure 5). The measured lattice spacing of 3.32 Å, observed in
the highest magnification HR-TEM images (Figure 6g,h), matches well with the interplanar
distance between the (112) crystallographic planes.

3.5. EDX Analysis

Energy dispersive X-ray spectroscopy (EDX) analysis of the CIGS nanocrystals was
performed, and the average atomic ratios are shown in Table 3. EDX results reveal that
the prepared nano-crystalline powders contain certain amount of the constituent elements
in accordance with the desired structures (Supplementary Figure S3). The measured
stoichiometric atomic ratios 0.87:0.4:0.6:1.98 for copper, indium, gallium, and selenium
obtained by EDX are closer to the expected. However, a slight decrease of Cu and Se was
found in the resultant composition in addition to an observed decrease in Cu content. The
slightly copper-poor composition is beneficial for the formation of p-type semiconductor.
The proposed composition of the prepared nanocrystal precursor powder in the first sample
has a molar Cu/In/Ga/Se ratio of 1.0:0.4:0.6:2.0 with a fixed In ratio for all prepared series
with incorporation of Cr atoms in Ga sites.

Table 3. Composition of nano-crystalline precursor powders according to EDX analysis

Sample Cu (%) In (%) Cr (%) Ga (%) Se (%)

CuIn0.4Ga0.6Se2 22.6 9.7 - 16.3 51.4
CuIn0.4Cr0.1Ga0.5Se2 29.4 8.8 1.6 11.5 48.7
CuIn0.4Cr0.2Ga0.4Se2 26.9 9.9 3.2 9.9 50.1
CuIn0.4Cr0.3Ga0.3Se2 33.6 7.2 4.9 6.1 48.2

We observed a copper deficiency from 1.0 to 0.87, which indicates that the prepared
CuIn0.4Ga0.6Se2 are p-type materials. A comparison between the proposed precursor
composition and the measured EDX composition is indicated in Table 3. Although the
control of the composition ratios in this type of chalcopyrites is difficult, we have been

71



Nanomaterials 2021, 11, 1093

able, with this hydrothermal autoclave method, to optimize the resultant product ratios
of In and Ga by controlling several factors such as metal source, time of stirring and
preparation temperature. For CuIn0.4Cr0.1Ga0.5Se2 sample the proposed composition of
the prepared precursor (atomic ratio of Cu/In/Cr/Ga/Se) is equal to 1:0.4:0.1:0.5:2 with
an atomic percentage equal 25:10:2.5:12.5:50. The resultant atomic ratio was equal to
1.3:0.4:0.07:0.53:2.3 with an atomic ratio equal 29.44:8.8:1.58:11.49:48.69 for Cu, In, Cr, Ga,
and Se, respectively. A slight increase in both Cu and Se atomic ratios is observed which in
accordance with the XRD results for the presence of wurtzite Cu2-xSe phase in competition
with the CuIn0.4Cr0.1Ga0.5Se2 chalcopyrite phase formation. This can be supposed also to
the formation of CuIn0.4Cr0.1Ga0.5Se2 quartzite phase also noticed, but in total Ga + Cr = Ga
main atomic ratio before substitution and In ratio is completely fixed which in turn does
not affect the chalcopyrite phase formation even in the formation of the subsidiary phase
as we explained in XRD part.

For CuIn0.4Cr0.2Ga0.4Se2 we noticed that the resulted composition atomic ratios for
Cu, In, Cr, Ga, and Se were equal to 26.9:9.9:3.2:9.9:50.1 with an atomic ratio equal to
(1.2:0.43:0.14:0.43:2.3). The proposed composition for this structure were (1:0.4:0.2:0.4:2)
with an atomic ratio equal to (25:10:5:10:50). It is noticed that an equality in both In and Ga
atomic ratios, slight decrease in Cr content than proposed it should work as 20% atomic
ratio and it was found equal to 14%. This decrease in Cr content does not affects the
chalcopyrite crystal structure, in contrast, it gives a stability with preferred orientation to
the structure.

Mixture of different copper selenide phases appear as secondary phases with the deter-
mined chalcopyrite tetragonal structure of CuIn0.4Cr0.3Ga0.3Se2. The proposed composition
for this structure were (1:0.4:0.3:0.3:2) with an atomic ratio equal to (25:10:7.5:7.5:50). Herein,
equal amounts of Ga and Cr atoms were incorporated together in the studied phase with
a noticeable variation in both Cu and Se atomic ratios, respectively. We found that the
composition for Cu, In, Cr, Ga, and Se was equal to 33.60:7.22:4.90:6.09:48.19 with an atomic
ratio of (1.8:0.4:0.27:0.33:2.6).

3.6. Optical Properties

Optical properties have been investigated from the transmittance spectra. All the
CuInxCryGa1 − x − ySe2 thin films exhibited broad absorption in the visible region. The
absorption coefficients were obtained for thin films samples prepared using spin-coating
process with nanocrystals.

Near the absorption edge or in the strong absorption zone of the transmittance spectra
of materials, the absorption coefficient is related to the optical energy gap, Eg, which can be
determined by the Tauc’s equation [57], Equation (3)

α =
A
(
hν− Eg

)n

hν
(3)

where A is a constant, h is the Planck constant, ν is frequency, and n is an index that
characterizes the optical absorption process and is equal to 2 for direct allowed transitions
and 0.5 for indirect allowed transitions.

The Tauc’s plot for CuInxCryGa1 − x − ySe2 thin films are displayed in Figure 7. The
shape of Tauc’s plot indicates that the deposited CuInxCryGa1 − x − ySe2 thin films pos-
sessed a direct band gap. Extrapolation of the straight line to zero absorption coefficient
(α = 0) allows an estimation of Eg. For that, the band gaps were obtained by plotting (αhυ)2

vs. the energy in eV and extrapolating the linear part of the spectrum (hυ).
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The prepared CuIn0.4Ga0.6Se2, CuIn0.4Cr0.1Ga0.5Se2, CuIn0.4Cr0.2Ga0.4Se2, and
CuIn0.4Cr0.3Ga0.3Se2 thin films with Eg of 1.12, 1.16, 1.20, and 1.17 eV, respectively, which
are close to the optimum value for solar photoelectric conversion of 1.5 eV. The differ-
ences of the band gaps and absorption spectra of the thin films was caused by the chang-
ing particle size and morphology of the prepared CuIn0.4Ga0.6Se2, CuIn0.4Cr0.1Ga0.5Se2,
CuIn0.4Cr0.2Ga0.4Se2, and CuIn0.4Cr0.3Ga0.3Se2 thin films with composition difference.
Although composition dependency of Eg has been observed for other semiconductor par-
ticles like CZTS and CuInS2, there has been scarce investigation of the influence of the
particle composition on light−electricity conversion efficiency, especially for those new pre-
pared CuIn0.4Ga0.6Se2, CuIn0.4Cr0.1Ga0.5Se2, CuIn0.4Cr0.2Ga0.4Se2, and CuIn0.4Cr0.3Ga0.3Se2
thin films.

3.7. Dielectric Spectra Analysis

In order to get information about the behavior of the ionic conductivity, electro-
chemical impedance spectroscopy measurements were performed on the powdered solid
compounds, namely, CuIn0.4Cr0.1Ga0.5Se2, CuIn0.4Cr0.2Ga0.4Se2, and CuIn0.4Cr0.3Ga0.3Se2.
The measurements were carried out at different temperatures (from 20 to 200 ◦C) to obtain
information on the samples’ conductivity. The study of the conductivity was analyzed in
terms of the corresponding Bode diagrams, which are shown in Figure 8 (dry conditions)
and Figure 9 (wet conditions), respectively. These plots display the variation of the conduc-
tivity with the frequency, by. plotting the double logarithmic plot of the conductivity in
S/cm versus frequency in (Hz) of each sample in all range of temperatures.

In the measurements in dry conditions (Figure 8), the conductivity σ’ is characterized
in the Bode plot by a plateau, where the phase angle tends to zero, the imaginary part
of the impedance will be zero, and then the corresponding conductivity represents the
direct-current conductivity (σdc) of the sample. A close inspection at Figure 8 revealed
that samples CuIn0.4Cr0.1Ga0.5Se2, CuIn0.4Cr0.2Ga0.4Se2, and CuIn0.4Cr0.3Ga0.3Se2 possess
a conductivity, practically constant in all the range of frequencies for all temperatures
under study, which is a typical behavior for a conductor. Similar results have been ob-
served in samples of multilayer graphene in polypropylene nanocomposites [58]. This
can be explained as a Debye relaxation due to the motion and reorientation of the dipoles
and localized charges as consequence of the electric field applied, which dominates the
dc-conductivity [59,60]. For all temperatures under study, conductivity increases with
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the temperature following the trend, σ’ (CuIn0.4Ga0.6Se2) > σ’ (CuIn0.4Cr0.2Ga0.4Se2) > σ’
(CuIn0.4Cr0.1Ga0.5Se2) > σ’ (CuIn0.4Cr0.3Ga0.3Se2).
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Figure 8. Double logarithmic plot of the real part of the conductivity versus frequency for (a) CuIn0.4Ga0.6Se2,
(b CuIn0.4Cr0.1Ga0.5Se2, (c) CuIn0.4Cr0.2Ga0.4Se2, and (d) CuIn0.4Cr0.3Ga0.3Se2 precursor powders obtained in dry conditions.

As shown in measurements in wet conditions (Figure 9), a deviation from σdc in the
spectrum of the conductivity can be seen at low frequency values. This effect is attributed
to the electrode polarization (EP) effect because of the blocking electrodes, and produced
by mobile charge accumulation. However, it is only observed in the measurements realized
below wet conditions [61,62]. The conductivity also exhibits a phenomenon of dispersion
that obeys a behavior described by Jonscher law [63,64], given by: σ(ω) = σdc +σac,
being σdc the dc conductivity and the alternating-current σdc = Aωm, where A is a factor
dependent of the temperature and m for an ideal Debye dielectric and ideal ionic type
crystals are 1 and 0, respectively.

Experimental data of the conductivity were fitted to the Jonscher law and the param-
eters are shown in Table 4. As we can see in Figure 10, only two different regions are
present. On the one hand, at moderate and low frequencies where the dc-conductivity will
be determined (Cond), and the region of sub-diffusive conductivity (SD), observed in the
interval between 105 and 107 Hz for the samples CuIn0.4Ga0.6Se2, CuCr0.1In0.4Ga0.5Se2, and
CuCr0.3In0.4Ga0.3Se2 respectively. Is important highlight that the sample, CuCr0.2In0.4Ga0.4Se2,
displays a behavior of a pure conductor in all the range of frequencies under all tempera-
tures under study [65–67].
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Figure 9. Double logarithmic plot of the real part of the conductivity versus frequency for (a) CuIn0.4Ga0.6Se2,
(b) CuIn0.4Cr0.1Ga0.5Se2, (c) CuIn0.4Cr0.2Ga0.4Se2, and (d) CuIn0.4Cr0.3Ga0.3Se2 precursor powders obtained in wet conditions.

Table 4. Jonscher parameters obtained by fitting the equation σ(ω) = σ0 + Aωm to conductivity data, for some indicated
temperature in all studied samples

Cr = 0.0 σdc [S cm−1] A m Cr = 0.1 σdc [S cm−1] A m

T = 20 ◦C 1.6 × 10−4 10−6.96 0.39 T = 20 ◦C 7.4 × 10−6 10−10.5 0.73
T = 60 ◦C 4.2 × 10−4 10−6.20 0.32 T = 60 ◦C 9.8 × 10−6 10−9.98 0.68

T = 100 ◦C 6.1 × 10−4 10−5.68 0.29 T = 100 ◦C 1.5 × 10−5 10−9.07 0.57
T = 160 ◦C 3.7 × 10−4 10−6.17 0.34 T = 160 ◦C 1.8 × 10−5 10−9.70 0.66

Cr = 0.2 σdc [S
cm−1] A m Cr = 0.3 σdc [S

cm−1] A m

T = 20 ◦C 1.4 × 10−5 0 0 T = 20 ◦C 4.3 × 10−7 10−11.59 0.77
T = 60 ◦C 6.2 × 10−5 0 0 T = 60 ◦C 1.0 × 10−6 10−10.97 0.72

T = 100 ◦C 6.1 × 10−5 0 0 T = 100 ◦C 1.8 × 10−6 10−10.58 0.69
T = 160 ◦C 5.3 × 10−5 0 0 T = 160 ◦C 4.5 × 10−6 10−9.89 0.62

In our samples, the values fitted for the parameter m, takes values between 0.4 and 1
for all the samples except in case of sample CuCr0.2In0.4Ga0.4Se2, where the value was 0,
corresponding to an ideal conductor type in all the range of temperatures. For the other
samples, the values obtained from the fit in the high frequency region which can be due to
the reorientation motion of dipoles and more likely to the motion of the localized charges,
which in the beginning are dominates over the dc-conductivity [65–67]. From Figure 9, we
can see that the conductivity is a function of the amount of fillers that we have incorporated
in the powdered. On the other hand, for CuCr0.2In0.4Ga0.4Se2, nanocomposite we observe
that conductivity is practically constant in all the range of frequencies, only at frequencies
higher than 106 Hz and some temperatures, the behavior of the sample shown a cut-off
frequency where it starts increasing with the frequency. For the other samples, we can
see that the real part of the conductivity is constant at the low frequencies region until
a cut-off frequency where it starts increasing with the frequency, as if the sample were a
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capacitor. The value of σ constant means that the CIGS has only a resistive contribution
and its value represents the electrical conductivity of the sample. In Table 4, the values of
the conductivity for the samples and the Jonscher parameters are shown.
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4. Conclusions 
In conclusion, fabrication of low-cost chalcopyrite CIGS semiconductor material us-

ing Cr as a dopant yielded an excellent well-arranged crystalline structure with the same 
properties and small quantities of the high-cost Ga content. Incorporation of the Cr metal, 
as a doping agent, in the preparation solution of the metallic salt mixture stands as a pre-
deposition process type of incorporation. Resulted precursor powders in nano-sized 
range need to be treated in a good manner which ensures formation of excellent adhesive 
solution. Spin coating process was applied to get the desired new doped Cr:CIGS chalco-
pyrite thin films. Electrochemical impedance spectroscopy measurements confirmed that 
those prepared doped Cr:CIGS with different percentages are promising semiconductor 
materials, as inferred from the experimental data which showed that the conductivity val-
ues increase with the temperature following the trend σ’ (CuIn0.4Ga0.6Se2) > σ’ 
(CuIn0.4Cr0.2Ga0.4Se2) > σ’ (CuIn0.4Cr0.1Ga0.5Se2) > σ’ (CuIn0.4Cr0.3Ga0.3Se2). The activation en-
ergy of the powder CuCr0.2In0.4Ga0.4Se2 was 5.5 ± 0.2 kJ/mol and consequently more stable 
in all the range of temperatures; therefore, the optimal doping percentage of Cr was de-
termined to be equal at 20%. Therefore, CuIn0.4Cr0.2Ga0.4Se2 thin film can be an excellent 
material for solar cell applications. 
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As displayed in Figure 9, which shows the conductivity in wet conditions, it can be
observed the temperature variations of the conductivity. In this plot, we can see at low
temperatures σdc depends notably on the frequency and this effect tends to disappear
when the temperature increases, but in our samples this behavior is not well developed
due to the non-reproducibility of the measurements in wet conditions. As expected, the
conductivity of all samples is strongly humidity dependent [65], increasing around two
orders of magnitude, depending on the sample at each temperature. For example, for the
sample CuCr0.2In0.4Ga0.4Se2 the conductivity at 60 ◦C is around 6.2 × 10−5 S/cm, however
in wet conditions at the same temperature the conductivity was 5.7×10−3 S/cm. In all the
range of temperatures studied the conductivity increase with the temperature following
the trend: σ’ (CuIn0.4Ga0.6Se2) > σ’ (CuIn0.4Cr0.2Ga0.4Se2) > σ’ (CuIn0.4Cr0.1Ga0.5Se2) >
σ’ (CuIn0.4Cr0.3Ga0.3Se2).gure 10 shows the dependence of the conductivity measured in
wet conditions with temperature. From this figure, we can see that conductivity follows
a typical Arrhenius behavior with two different behaviors: one where the conductivity
increases with increasing temperature, between 20 and 120 ◦C, following the Equation (4)

ln σdc = ln σ∞ −
Eact

RT
(4)

and other behavior for temperatures above 120 ◦C, where the conductivity begins to
decrease due possibly to the dehydration of the sample.

From the slopes of the fits obtained following Equation (4), we calculated the acti-
vation energy (Eact) associated to the conduction process. The values obtained followed
the trend Eact(CuCr0.2In0.4Ga0.4Se2) = (5.5 ± 0.2) kJ/mol < Eact(CuCr0.1In0.4Ga0.4Se2) =
(7.60 ± 0.15) kJ/mol < Eact(CuCr0.3In0.4Ga0.4Se2) =(18.8± 0.2) kJ/mol < Eact(CuIn0.4Ga0.4Se2)
= (24.8 ± 0.4) kJ/mol. These results indicate that all the CIGS doped by chromium have
low activation energy than CuIn0.4Ga0.4Se2 thin films being the best doping percentage of
Cr equal to 20% the optimum.

4. Conclusions

In conclusion, fabrication of low-cost chalcopyrite CIGS semiconductor material using
Cr as a dopant yielded an excellent well-arranged crystalline structure with the same
properties and small quantities of the high-cost Ga content. Incorporation of the Cr metal,
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as a doping agent, in the preparation solution of the metallic salt mixture stands as a pre-
deposition process type of incorporation. Resulted precursor powders in nano-sized range
need to be treated in a good manner which ensures formation of excellent adhesive solution.
Spin coating process was applied to get the desired new doped Cr:CIGS chalcopyrite
thin films. Electrochemical impedance spectroscopy measurements confirmed that those
prepared doped Cr:CIGS with different percentages are promising semiconductor materials,
as inferred from the experimental data which showed that the conductivity values increase
with the temperature following the trend σ’ (CuIn0.4Ga0.6Se2) > σ’ (CuIn0.4Cr0.2Ga0.4Se2) >
σ’ (CuIn0.4Cr0.1Ga0.5Se2) > σ’ (CuIn0.4Cr0.3Ga0.3Se2). The activation energy of the powder
CuCr0.2In0.4Ga0.4Se2 was 5.5 ± 0.2 kJ/mol and consequently more stable in all the range of
temperatures; therefore, the optimal doping percentage of Cr was determined to be equal
at 20%. Therefore, CuIn0.4Cr0.2Ga0.4Se2 thin film can be an excellent material for solar cell
applications.

Supplementary Materials: The following are available online at https://www.mdpi.com/article/10
.3390/nano11051093/s1, Supplementary Figure S1: Spin-coating process (feeding of dissolved metal
solution onto ITO substrate using micropipette); Supplementary Figure S2: FE-SEM images for (a)
CuIn0.4Ga0.6Se2, (b) CuIn0.4Cr0.1Ga0.5Se2, (c) CuIn0.4Cr0.2Ga0.4Se2, and (d) CuIn0.4Cr0.3Ga0.3Se2 nano-
crystalline precursor powders at 2 µm; Supplementary Figure S3: EDX charts for (a) CuIn0.4Ga0.6Se2,
(b) CuIn0.4Cr0.1Ga0.5Se2, (c) CuIn0.4Cr0.2Ga0.4Se2, and (d) CuIn0.4Cr0.3Ga0.3Se2 precursor powders.
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Abstract: High-mobility inorganic CuCrO2 nanoparticles are co-utilized with conventional
poly(bis(4-phenyl)(2,5,6-trimethylphenyl)amine) (PTAA) as a hole transport layer (HTL) for perovskite
solar cells to improve device performance and long-term stability. Even though CuCrO2 nanoparticles
can be readily synthesized by hydrothermal reaction, it is difficult to form a uniform HTL with CuCrO2

alone due to the severe agglomeration of nanoparticles. Herein, both CuCrO2 nanoparticles and PTAA
are sequentially deposited on perovskite by a simple spin-coating process, forming uniform HTL with
excellent coverage. Due to the presence of high-mobility CuCrO2 nanoparticles, CuCrO2/PTAA HTL
demonstrates better carrier extraction and transport. A reduction in trap density is also observed by
trap-filled limited voltages and capacitance analyses. Incorporation of stable CuCrO2 also contributes
to the improved device stability under heat and light. Encapsulated perovskite solar cells with
CuCrO2/PTAA HTL retain their efficiency over 90% after ~900-h storage in 85 ◦C/85% relative
humidity and under continuous 1-sun illumination at maximum-power point.

Keywords: perovskite solar cell; hole transport layer; CuCrO2 nanoparticles; thermal stability;
light stability

1. Introduction

In the field of next-generation photovoltaics, organic-inorganic hybrid halide perovskite solar
cells have gathered tremendous attention since their emergence due to their rapidly growing
power conversion efficiency (PCE), micrometer-scale carrier diffusion length, high absorption
coefficient over solar spectrum regions, small exciton binding energy, etc. [1–11]. However,
its relatively poor stability is still a main bottleneck toward commercialization, which becomes
more serious at elevated temperatures or under constant illumination due to the rapid degradation
of materials along with the accelerated formation and migration of defects [12–18]. One of the
most vulnerable components is traditional organic small-molecule-based hole transport layers
(HTL) such as 2,2′,7,7′-tetrakis(N,N-di-p-methoxyphenylamine)-9,9′-spirobifuorene (spiro-OMeTAD),
which can easily decompose under the presence of heat [19,20]. Other candidates, such as
poly(bis(4-phenyl)(2,5,6-trimethylphenyl)amine) (PTAA), are reported to be more durable in terms of
stability [21–25], but diffusion of additives and ionic species can still occur to hamper the perovskite-HTL
interface [26–29].
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As an alternative to the unstable organic HTLs, inorganic HTLs such as CuSCN and various
metal oxides have been shown to achieve long-term stability [30–44]. Among them, delafossite metal
oxide CuCrO2 is considered as one of the most promising candidates as an HTL due to its high
mobility of 0.1–1 cm2 V−1 s−1, favorable band alignment with perovskite, and facile synthesis method
of nanoparticles by hydrothermal reaction of nitrate-based precursors [45–51]. Several research groups
have adopted CuCrO2 HTL in a p-i-n structure to obtain ambient stability comparable to its organic
counterparts [52–55]. However, few studies have utilized CuCrO2 in an n-i-p structure, mainly due
to its difficulty in forming a uniform film over the perovskite layer [56]. Studies demonstrating
long-term stabilities under continuous heat or light are also lacking; thus, a lot of effort is still required
to successfully utilize CuCrO2 materials as a stable and efficient HTL.

One strategy to overcome the barrier of poor film formability of nanoparticle-type HTL is to
co-utilize with other HTL that can form homogeneous precursor solutions, which can have multiple
advantages over single-component solutions. The solution-based secondary HTL can successfully
immerse between nanoparticles, which can greatly improve the film uniformity and thereby reduce
surface/interface-related defects. The ability to utilize high-mobility nanoparticles can also improve
the overall hole mobility of the HTL and the stability of the perovskite-HTL interface, especially
when the solution-based HTL is known to be susceptible to the interfacial degradation. Several
studies have demonstrated this hybrid-type design, such as NiOx/spiro-OMeTAD, NiOx/CuSCN,
and CuGaO2/CuSCN, indicating the potential for further improvement of HTL by this co-utilization
approach [57–59].

In this work, hydrothermally synthesized CuCrO2 nanoparticles are incorporated into the
conventional PTAA to form CuCrO2/PTAA hybrid HTL that can effectively reduce the surface
roughness. The utilization of high-mobility and stable CuCrO2 can boost the hole extraction while
passivating deep-level traps, which are confirmed by optoelectronic analyses. Stabilities of ~900 h
under 85 ◦C/85% relative humidity (RH) and continuous 1-sun illumination further confirm the
successful durability of the bilayer HTL, suggesting a straightforward but effective method to improve
the stabilities of perovskite solar cells.

2. Materials and Methods

2.1. Synthesis of CuCrO2 Nanoparticles

Cu(NO3)2·2.5H2O (Alfa Aesar, Heysham, UK) and Cr(NO3)3·9H2O (Alfa Aesar, Heysham, UK)
were dissolved in deionized water (DW) with concentration of 0.21 M each. After 15 min of stirring,
1.8 M of NaOH (Daejung, Siheung, Korea) was added, and the solution was stirred for another 15 min.
Then, the solution was transferred to a Teflon-lined stainless-steel autoclave and placed in an oven
with a temperature of 220 ◦C for 60 h. After the reaction, a dark-green precipitate containing CuCrO2

nanoparticles was formed. The synthesized nanoparticles were centrifuged and sequentially washed
with 1 N HCl (Daejung, Siheung, Korea) and isopropyl alcohol (IPA, Daejung, Siheung, Korea) four
times, and stored in IPA for future use.

2.2. Device Fabrication

Glasses coated with indium-doped tin oxide (ITO) were cleaned in acetone (Daejung, Siheung,
Korea), ethanol (Daejung, Siheung, Korea), and DW for 15 min each by sonication, followed by UV-ozone
treatment for 15 min. For the electron transport layer, SnO2 aqueous colloidal dispersion (Alfa Aesar,
Heysham, UK) was diluted by DW to 2.5 wt. %, spin-coated on ITO at 3000 rpm for 30 s, and annealed at
120 ◦C for 30 min. Perovskite precursor solution of 1.3 M Cs0.05(FA0.85MA0.15)0.95Pb(I0.85Br0.15)3 (FA and
MA stand for formamidinium and methylammonium, respectively) was fabricated by dissolving
PbI2 (TCI, Fukaya, Japan), PbBr2 (TCI, Fukaya, Japan), FAI (Greatcell Solar, Queanbeyan, Australia),
MABr (Greatcell Solar, Queanbeyan, Australia), and CsI (TCI, Fukaya, Japan) with desired ratio in a
4:1 (v/v) mixture of N,N-dimethylformamide (DMF, Sigma-Aldrich, St. Louis, MO, USA) and dimethyl
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sulfoxide (DMSO, Sigma-Aldrich, St. Louis, MO, USA). In a N2-filled glovebox, the perovskite solution
was deposited on a SnO2 layer by spin-coating at 1000 rpm for 10 s, followed by 5000 rpm for 20 s.
A total of 300 µL of chlorobenzene (Sigma-Aldrich, St. Louis, MO, USA) was dripped onto the spinning
substrate 3 s before the end of the spin-coating process. The samples were then annealed at 100 ◦C
for 40 min. For the CuCrO2 hole transport layer, the stored CuCrO2 nanoparticle dispersion was
further diluted by IPA to the desired concentrations (0.5–3 mg mL−1), subjected to sonication for 1 h,
and spin-coated at 5000 rpm for 30 s, followed by annealing at 50 ◦C for 10 min to remove residual
solvent. For a CuCrO2-only device, the spin-coating steps were repeated multiple times to obtain full
coverage of HTL, whereas for a CuCrO2/PTAA device, single spin-coating of CuCrO2 was sufficient.
For the PTAA hole transport layer, solution was fabricated by dissolving 20 mg of PTAA (47 kDa,
MS Solutions, Seoul, Korea) in 1 mL of chlorobenzene, with the addition of 6 µL of 4-tert-butylpyridine
(Sigma-Aldrich, St. Louis, MO, USA) and 4 µL of 520 mg mL−1 bis(trifluoromethane)sulfonimide
lithium salt (Sigma-Aldrich, St. Louis, MO, USA) solution in acetonitrile (Sigma-Aldrich, St. Louis, MO,
USA). The PTAA solution was then spin-coated on either perovskite film or pre-deposited CuCrO2 film
at 3000 rpm for 30 s. Finally, an Au electrode was deposited by thermal evaporation. For encapsulated
devices, the devices were sealed with cover glass using UV-curable epoxy resin (Nagase, Osaka, Japan).

2.3. Characterization

X-ray diffraction was conducted using a diffractometer (New D8 Advance, Bruker, Billerica, MA,
USA). Surface roughness of the film was analyzed by an atomic force microscope (NX-10, Park Systems,
Suwon, Korea). The cross-sectional image of an HTL film was obtained by a field-emission scanning
electron microscope (Merlin-Compact, Zeiss, Oberkochen, Germany). The optical bandgap was
analyzed by UV-visible absorption spectroscopy using a spectrophotometer (V-770, JASCO, Easton,
MD, USA). A time-of-flight secondary ion mass spectrometer (TOF-SIMS-5, IONTOF, Münster,
Germany) was utilized to obtain the depth profile of the device. Photoluminescence (LabRam HV
Evolution, Horiba, Kyoto, Japan) and time-resolved photoluminescence (FluoTime 300, Picoquant,
Berlin, Germany) of the films were analyzed using lasers with excitation wavelengths of 523 nm and
398 nm, respectively. Space-charge limited current (SCLC) and admittance analyses were conducted
using a potentiostat (Zive SP-1, WonATech, Seoul, Korea), where dark current was measured under
varying direct current (DC) bias for SCLC measurement and impedance was measured at a frequency
of 10−2–104 Hz using 10 mV AC voltage perturbation for admittance analysis. J-V curves of the
solar cells were obtained using a solar simulator (K3000, McScience, Suwon, Korea) with 1-sun
(AM 1.5G) illumination on the glass/ITO side, with a voltage sweep between 1.2 and −0.1 V, a scan
rate of 100 mV s−1, and active areas for solar cells were 0.09 cm2. For the thermal stability test,
encapsulated devices were stored within a dark test chamber (TH-PE-025, JeioTech, Daejeon, Korea)
with controlled temperature and humidity (85 ◦C/85% RH), and J-V scans of devices were periodically
conducted. For the light stability test, encapsulated devices were tested with maximum-power-point
tracking equipment (K3600, McScience, Suwon, Korea) under continuous 1-sun illumination, where
maximum-power voltage is constantly applied to the cells during the test.

3. Results and Discussion

One of the prerequisites for HTL in an n-i-p type perovskite solar cell is continuous film formability
that can yield a thin and compact layer above a perovskite substrate. The CuCrO2/PTAA HTL deposited
on the conventional triple-cation perovskite (Cs0.05(FA0.85MA0.15)0.95Pb(I0.85Br0.15)3) displayed a smooth
surface topography with reasonably small surface roughness (Figure 1a). However, due to the
agglomeration of CuCrO2 nanoparticles when deposited on perovskite substrate, simple one-step
spin-coating of CuCrO2 nanoparticles alone often yielded incomplete coverage; hence, multiple
spin-coatings were required for CuCrO2 to fully cover the underlying perovskite layer (Figure S1a,b).
Moreover, even though the full coverage was obtained with only CuCrO2, the resulting HTL displayed
a much larger surface roughness compared to the CuCrO2/PTAA, resulting in a low PCE (Figure 1b
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and Figure S1c). The difficulty in creating a uniform film with nanoparticles alone suggests that
incorporating a small number of nanoparticles within other solution-processable HTL is more suitable
to utilize high-mobility nanoparticles, as suggested in this work. As shown in the cross-sectional image
in Figure 1c, the final CuCrO2/PTAA bilayer showed compact and dense morphology with ~100 nm
thickness, suggesting that the PTAA solution was effectively wetted and immersed among the CuCrO2

nanoparticles, and thereby formed a uniform film without any visible structural imperfections. Further
analyses by x-ray diffraction (XRD) revealed that hydrothermally synthesized CuCrO2 nanoparticles
consisted of a mixture of desirable rhombohedral and hexagonal delafossite phases without any
detectable impurities (Figure S2a) [52], and the perovskite layer was not damaged or decomposed into
impurities like PbI2 after the deposition of CuCrO2/PTAA HTL (Figure S2b).
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Figure 1. Morphological and structural analyses of CuCrO2/PTAA and CuCrO2 hole transport layer
(HTL): (a,b) Topography and root-mean-square (RMS) surface roughness of each HTL deposited
on indium-doped tin oxide (ITO)/SnO2/perovskite, obtained by atomic force microscope (AFM);
(c) Cross-sectional scanning electron microscopy (SEM) image of ITO/SnO2/perovskite/HTL film;
(d) UV-visible absorption spectra and the optical bandgap energy of each HTL deposited on a
glass substrate; (e) Time-of-flight secondary ion mass spectrometry (TOF-SIMS) depth profile of the
ITO/SnO2/perovskite/CuCrO2/PTAA film; (f) Schematic illustration of the device architecture with
CuCrO2/PTAA HTL. Light is incident on an ITO side during the solar cell operation.

The optical bandgap was determined to be 3.00 eV and 3.08 eV for PTAA-only and CuCrO2-only
HTL, respectively, as presented in Figure 1d [45,46,48–50,60,61]. The absorption spectrum and bandgap
of the optimized CuCrO2/PTAA layer were almost identical to those of PTAA, since a small number
of CuCrO2 nanoparticles was enough to form an effective and stable HTL layer. The presence and
distribution of CuCrO2 in the bilayer HTL was further confirmed by a time-of-flight secondary ion
mass spectroscopy (TOF-SIMS), as shown in Figure 1e. PbI2

− and PbI3
− originated from the perovskite,

and F− and S− originated from the additives of PTAA. Since species containing Cu and Cr were
distributed near the perovskite-HTL interface, the CuCrO2 nanoparticles were mainly located at the
bottom part of the HTL, where they were percolated by the solution-processed PTAA (Figure 1f).

The electronic properties of CuCrO2/PTAA hybrid HTL were investigated to evaluate its ability to
extract and transport holes. Photoluminescence (PL) spectra in Figure 2a show that CuCrO2/PTAA
HTL exhibited slightly larger PL quenching compared to the bare PTAA, implying the increased
hole-extracting ability due to the incorporation of high-mobility CuCrO2 nanoparticles. Time-resolved
PL spectra, as seen in Figure 2b, exhibited faster early-stage decay with CuCrO2/PTAA compared to
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PTAA, 14 vs. 28 ns, respectively [62–64]. To characterize the hole-extracting mobility more quantitatively,
dark current-voltage (J-V) characteristics under DC bias were examined for the SCLC region with the
ITO/HTL/Au structure (Figure 2c) [65,66]. The hole mobilities were 2.6× 10−3 and 1.2× 10−3 cm2 V−1 s−1

for CuCrO2/PTAA and bare PTAA, respectively, further supporting the role of high-mobility CuCrO2

nanoparticles which enable faster hole extraction from the perovskite along the HTL.
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Figure 2. Electronic properties of CuCrO2/PTAA HTL: (a) Steady-state photoluminescence (PL) and
(b) time-resolved PL spectra (398-nm excitation with fitting lines) of bare perovskite and perovskite/HTL
films deposited on glass; (c) Dark J-V characteristics of ITO/HTL/Au layers with different HTLs,
where space-charge limited current (SCLC) region is indicated.

Next, the effect of CuCrO2 incorporation into PTAA on the defect characteristics of the devices
is discussed. Figure 3a shows dark J-V characteristics of hole-only devices with the structure
of ITO/PTAA/perovskite/HTL/Au, with the upper HTL being either PTAA or CuCrO2/PTAA.
The trap-filled limited voltages (VTFL) are related to the trap densities of the devices (Nt

TFL), exhibiting
6.6 × 1015 and 1.1 × 1016 cm−3 for the CuCrO2/PTAA and bare PTAA, respectively [67]. Defect densities
were also analyzed by capacitance analyses on the conventional ITO/SnO2/perovskite/HTL/Au solar-cell
structures. Nyquist plots in Figure 3b show larger semicircles for the device with CuCrO2/PTAA
compared to the PTAA, implying the increased recombination resistance which may be related to the
decreased trap sites along the perovskite-HTL region [68–71]. It can also be seen in Figure 3c that two
devices show different capacitive responses at low frequencies, indicating differences in the midgap trap
states [68,72,73]. The trap density of states derived from the derivative of the capacitance (Figure 3d)
exhibited a lower density of states in CuCrO2/PTAA HTL, resulting in an almost halved integrated trap
density (Nt

C) compared to the PTAA HTL [74–76]. These combined results of trap reduction suggest
that CuCrO2 nanoparticles near the perovskite-HTL interface surely passivate defects and related trap
states, which can also contribute to the improvement of charge transport, as previously mentioned.

Solar cells with the device structure of ITO/SnO2/perovskite/HTL/Au were fabricated with either
CuCrO2/PTAA or PTAA. With the optimum concentration of CuCrO2 nanoparticles (Figure S3a),
the champion cell yielded VOC = 1.02 V, JSC = 22.8 mA cm−2 and FF = 0.75 (PCE of 17.4%), whereas
the bare PTAA yielded VOC = 1.02 V, JSC = 22.4 mA cm−2 and FF = 0.74 (PCE of 16.9%), as shown in
Figure 4a (with the device parameters for multiple cells presented in Table 1 and Figure S3). While the
external quantum efficiencies (EQEs) of the devices were quite similar (Figure 4c), the response at a
longer wavelength (~700 nm or ~1.7 eV) exhibited better efficiency with the CuCrO2-nanoparticle
device, indicating an improved hole carrier collection, consistent with Figures 2 and 3. This improved
hole collectivity might contribute to the increase of average JSC, whereas the slight increases in
trap-dependent parameters such as VOC and FF further confirm the defect passivation effect by CuCrO2

nanoparticles at the perovskite-HTL interface [77,78].
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Figure 4. Photovoltaic performances of perovskite solar cells with CuCrO2/PTAA or PTAA as HTL:
(a) J-V curves of champion cells and their steady-state efficiencies under maximum power voltage;
(b) PCE distributions for 20 cells at each condition; (c) External quantum efficiency (EQE) of solar cells.

Table 1. Photovoltaic parameters of the solar cells (reverse scan for 20 cells). The data in parentheses
are from the cells with the best power conversion efficiency (PCE).

HTL VOC (V) JSC
(mA cm−2) FF PCE (%) HI

(1–ηFOR/ηREV) 1

PTAA 1.02 ± 0.03
(1.02)

21.3 ± 1.1
(22.4)

0.72 ± 0.02
(0.74)

15.7 ± 0.8
(16.9) 0.09 ± 0.04

CuCrO2/PTAA 1.03 ± 0.15
(1.02)

21.6 ± 3.3
(22.8)

0.73 ± 0.11
(0.75)

16.1 ± 2.4
(17.4) 0.11 ± 0.04

1 HI, ηFOR and ηREV refer to the hysteresis index, forward-scan PCE and reverse-scan PCE, respectively.
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The effect of CuCrO2 nanoparticles on both thermal and light stabilities of the solar cells were
also investigated. For thermal stability, encapsulated devices were stored under standard damp heat
conditions (85 ◦C/85% relative humidity (RH)) [25,79,80], where encapsulation was applied to block
other external degradation factors than heat. High humidity was used to detect devices with damaged
encapsulation which would undergo rapid moisture-induced degradation with a leak. As presented in
Figure 5, improved thermal stability was observed for the device with CuCrO2/PTAA HTL, where the
device maintained over 90% of its initial PCE after 860 h. The degradation of organic cations in the
perovskite or small organic molecules within HTL can critically damage both bulk and the interface,
especially at an elevated temperature [9,10,20,81,82]. It can be inferred that the presence of more
heat-resistant CuCrO2 nanoparticles in the vicinity of perovskite and HTL creates a more heat-resistant
interface with reduced interfacial reactions to maintain excellent thermal stability.
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humidity (RH) dark condition.

Light stabilities were tested by maximum-power-point tracking (MPPT) under continuous 1-sun
(AM 1.5G) illumination. Figure 6 shows that a solar cell adopting CuCrO2/PTAA HTL retains almost
the entirety of its initial PCE after 960 h of operation, demonstrating superior light stability over
the bare-PTAA device. Migration of halide defects as well as Li+ from the additive in PTAA can
accumulate at the perovskite-HTL interface and trigger interfacial degradation under operation
conditions [15,28,29,83]. The improved light stability confirms that CuCrO2 nanoparticles can directly
prevent potential accumulation of traps at the interface, resulting in superior solar cells.
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(a) efficiency, (b) VOC, (c) JSC, and (d) FF of the encapsulated solar cells obtained by maximum-
power-point tracking (MPPT) under continuous illumination of AM 1.5G at 25 ◦C.

4. Conclusions

Hybrid HTL, consisting of high-mobility CuCrO2 nanoparticles embedded between perovskite
and PTAA, was facilely adopted in the perovskite solar cells to guarantee excellent thermal and light
stabilities. By a simple solution process, CuCrO2/PTAA HTL was fabricated, yielding a uniform and
smooth morphology. With CuCrO2 nanoparticles providing high-mobility charge transport paths,
CuCrO2/PTAA HTL demonstrated more efficient hole-extraction abilities than the bare PTAA, and trap
density was reduced by nearly half with CuCrO2 nanoparticles. Therefore, solar cells with bilayer
CuCrO2/PTAA yielded higher PCE than the conventional PTAA-based ones, and also maintained over
90% of the initial efficiencies after storage under 85 ◦C/85% RH or operating under 1-sun MPPT for
~900 h. Our novel design of organic-inorganic hybrid HTL can aid in developing perovskite-based
devices with improved hole extractability and reduced defects/traps, which ultimately leads to the
superior stabilities under thermally induced and light-induced conditions.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/10/9/1669/s1.
Figure S1: Solar cells adopting only CuCrO2 as an HTL; Figure S2: X-ray diffraction of CuCrO2 nanoparticles and
perovskite/CuCrO2/PTAA HTL; Figure S3: Performances of solar cells adopting either CuCrO2/PTAA or PTAA as
an HTL.
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Radenka Krsmanović Whiffen 1,2 , Amelia Montone 1,* , Loris Pietrelli 3 and Luciano Pilloni 1

Citation: Krsmanović Whiffen, R.;
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Abstract: Pyroelectric materials can harvest energy from naturally occurring ambient temperature
changes, as well as from artificial temperature changes, notably from industrial activity. Wurtzite-
based materials have the advantage of being cheap, non-toxic, and offering excellent opto-electrical
properties. Due to their non-centrosymmetric nature, all wurtzite crystals have both piezoelectric and
pyroelectric properties. Nanocrystalline wurtzite ZnS, being a room temperature stable material, by
contrast to its bulk counterpart, is interesting due to its still not well-explored potential in piezoelectric
and pyroelectric energy harvesting. An easy synthesis method—a co-precipitation technique—was
selected and successfully tailored for nanocrystalline wurtzite ZnS production. ZnS nanopowder
with nanoparticles of 3 to 5 nm in size was synthesized in ethyl glycol under medium temperature
conditions using ZnCl2 and thiourea as the sources of Zn and S, respectively. The purified and
dried ZnS nanopowder was characterized by conventional methods (XRD, SEM, TEM, TG and FTIR).
Finally, a constructed in-house pilot plant that is able to produce substantial amounts of wurtzite
ZnS nanopowder in an environmentally friendly and cost-effective way is introduced and described.

Keywords: zinc sulfide; wurtzite; co-precipitation synthesis; solvent recycling; green synthesis;
scaling up; pilot plant

1. Introduction

The access to and use of electrical energy contributes significantly to sustainable
development in modern societies. One possible way to generate green energy is by har-
vesting waste heat and converting it into electrical energy, using either thermoelectric or
pyroelectric effects. While commercial thermo-electric generators exist today [1], “pyroelec-
tric energy harvesting” is the least well-explored potential energy harvesting technology.
Pyroelectric materials operate with a high thermodynamic efficiency and do not require
bulky heat sinks as thermoelectric materials do. Some pyroelectric materials are also stable
at up to 1200 ◦C or more, permitting energy harvesting from high temperature sources
with increased thermodynamic efficiency. As a result, pyroelectric materials have the
potential to harvest energy from naturally occurring ambient temperature changes, and
artificial temperature changes due to exhaust gases, and gas or liquid hot flows in industrial
processes. Thus “pyroelectric energy harvesting” could be the right methodology to collect
at least some of the enormous amount of wasted energy in the form of heat by converting
thermal fluctuations into electrical energy (e.g., over half the energy generated from all
sources in the U.S. since 2008 was reported lost that way [2]).

Pyroelectric materials are structurally anisotropic solids that exhibit a permanent
dipole moment, which is why they can generate electricity from temperature fluctuations.
As such, they are promising candidates for energy harvesting at a large scale. Conventional
materials of this type are ferroelectrics, mostly oxides with a perovskite structure, like
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BaTiO3 (BT), PbTiO3 (PT), LiTaO3, Lead Magnesium Niobate/Lead Titanate (PMN-PT)
or Barium Strontium Titanate (BST) in the forms of single crystals, ceramics or as fillers
in polyvinylidene fluoride composite films. Another promising class are non-ferroelectric
pyroelectrics: semiconductor materials of wurtzite crystalline structure like CdS, ZnO or
ZnS. Due to their non-centrosymmetric nature, all wurtzite crystals have both piezoelec-
tric and pyroelectric properties. Wurtzite-based materials have the advantage of being
cheap, non-toxic and offering excellent opto-electrical properties. Their high chemical and
thermal stability allow their use at high temperatures in air, whereas ferroelectrics become
ineffective when heated beyond their Curie temperature (their TC is usually lower than
150 ◦C and can increase at nano-scale [3]). In addition, higher thermal conductivity allows
wurtzite-based materials to react faster to ambient temperature change. Currently, the
application of pyroelectric materials is limited to low-power electronics, to portable systems
or tasks needing only µW–mW power [4]; these applications fit well with nanostructured
pyroelectric generators that harvest ambient temperature changes and rapidly generate
an electrical current in response to those changes [4]. Although pyroelectric materials
and thermal energy harvesting have been studied extensively over the last two decades,
research on pyroelectric generators is still in the explorative phase. However, some existing
systems such as one developed by NASA [5], are able to successfully capture and transform
waste heat generated in power plants, jet engines or automobiles. For more powerful,
commercially viable generators that are able to capture industry-generated heat, a more
solid form is needed, such as ceramics or thin films with improved mechanical strength
and greater resistance to thermal shock.

Alongside ZnO, ZnS is one of the most important Cd-free type II-VI semiconduc-
tors with excellent optoelectronic and luminescent properties and numerous applications;
in particular, nanostructured ZnS is used mainly as a phosphor in optoelectronic and
electro-luminescent devices [6–8], in catalysis, for solar cells, and lasers [9–11] and, be-
ing biologically non-toxic, in biomedical labeling [12]. ZnS has two structural forms: a
room temperature stable cubic phase (zinc blende or sphalerite, c-ZnS), which at high
temperatures (1020 ◦C for bulk) becomes a metastable, hexagonal wurtzite phase (w-ZnS),
lacking structural stability and of limited application. However, a stabilization mechanism
for wurtzite is well known: it was found that w-ZnS in nanocrystalline form is a stable
material at room temperature [13–16]. These two phases of ZnS have different valence
band structure that manifests as a difference in the bandgap value, with widely accepted
(experimental) values of 3.72 eV for sphalerite and 3.77 eV for wurtzite [17].

To the best of our knowledge, w-ZnS has not been studied as a possible energy
harvesting pyroelectric material since the early work of Gérard Marchal on w-ZnS thin
films [18] despite w-ZnS being isostructural to the well-exploited and widely praised
hexagonal ZnO [19]. Reducing production costs for pyroelectric material is the key to
marketing an affordable energy harvesting system. In addition, the Tc temperature (1020 ◦C
for bulk material) is high enough for ZnS that it has the ability to operate at higher
temperature that is a good match with the working temperature of power plants and
automobiles (mostly lower than 200 ◦C, up to maximum about 400–500 ◦C). We intend to
create ceramics and composite polymer films to be used in pyroelectric harvesters of waste
heat coming from either industrial or domestic activities [20].

Only in the last decade has the interest in nanostructured wurtzite ZnS sparked, and
numerous different syntheses have been explored, aiming at its controlled production at
low temperatures [21]. Cheng et al. [22] prepared w-ZnS nanoparticles by a solvothermal
method from homogeneous solutions of Zinc chloride (ZnCl2) with S2- as the precipitating
anion from thiourea at 180 ◦C and without a stabilizing agent, while Zhao et al. [23] pre-
pared hexagonal ZnS NPs using ZnCl2 and thiourea controlled by tetramethyl ammonium
hydroxide in ethyl glycol (EG). A short list of the possible synthesis is reported in Table S1.

We wanted to avoid the use of toxic materials (Tetramethylammonium hydroxide
(TMAH), ethylenediamine, and so on) and to use an inexpensive and simple chemical
synthesis at a low working temperature. Hence, we investigated the options of creating
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ZnS nanopowder using a co-precipitation fabrication process, a soft-chemistry approach
that is easy to scale-up. The obtained nanopowder has been characterized using TGA,
BET, FTIR, TEM and SEM techniques. We provided an insight into how to optimize this
synthetic route, given conditions for better purity w-ZnS nanopowder, and provided an
outlook on how to expand its production. We built an in-house pilot plant that is able to
produce substantial amounts of wurtzite ZnS nanopowder in an environmentally friendly
and cost-effective way.

2. Materials and Methods

ZnS nanopowder was fabricated using an easy scalable chemical precipitation process.
Zn2+ ions form a complex with Ethylene glycol (EG) resulting in particle capping upon
nucleation. Upon the addition of thiourea (TU) into the preformed Zn-EG complex, a
competition between TU and EG (at a high temperature) is performed. We modified the
well-known reaction of zinc chloride (Zn2+ source) with thiourea (S2− source) dissolved
in ethyl glycol (EG) [23] at different molar ratios (R = 0.47–1.22) in medium temperature
conditions (140–150 ◦C) to produce nanocrystalline ZnS of the hexagonal (wurtzite) phase
in a series of consecutive experiments. All the chemicals: ZnCl2 (Sigma-Aldrich, St. Louis,
MO, USA, ≥98%), thiourea (Sigma-Aldrich, St. Louis, MO, USA ≥99.0%), and ethylene
glycol (Sigma-Aldrich, St. Louis, MO, USA ≥99.8%), were used as received and without
further purification.

Typically, a known quantity of anhydrous ZnCl2 and thiourea (CH4N2S) were dis-
solved separately in a known volume of EG (the ratio solid:liquid = 1:15) and stirred at
110 ◦C for 30 min. Subsequently, both mixtures were merged in a larger glass beaker and
stirred (300–400 rpm) at a temperature of 140–150 ◦C for 1–2 h. After the reaction was
complete, the white solution was cooled to room temperature. The powders obtained were
separated by centrifugation, at 4000 rpm for 5 min, from the solvent and were washed twice
with acetone and twice with ethyl alcohol using centrifugation. The washed product was
mixed in ethyl alcohol and this solution was dried to powder at 70 ◦C, in an oven for about
1 h. Following the lab tests, we built an in-house pilot plant able to produce substantial
amounts of wurtzite ZnS nanopowder in an environmentally friendly and cost-effective
way. To be specific, the pilot plant consists of a 5 L jacketed glass reactor equipped with the
automatic control of pH, temperature and mixing speed. The temperature was controlled
(±0.01 ◦C) for the working temperature range 10–200 ◦C by a thermostat equipped with a
programmable temperature fluid control (model Optima TXF200 Heated Circulating Bath).

The chemical process follows the scheme reported in Figure 1.
The microstructure of the ZnS nanopowders was characterized by X-ray powder

diffraction using a SmartLab Rigaku powder diffractometer (Rigaku, Tokio, Japan) equipped
with a Cu Kα radiation source and a graphite monochromator in the diffracted beam, oper-
ated at 40 kV and 30 mA. The morphology of the samples was investigated by scanning
electron microscopy, using a LEO 1530 (Zeiss, Oberkochen, Germany)) instrument. The
LEO1530 is a hot cathode field emission SEM equipped with a high-resolution in-lens
secondary electron detector, a conventional secondary electron detector, a Centaurus back
scattered detector and a XACT microanalysis unit (OXFORD Instruments, Abingdon,
United Kingdom) and it was used to provide high-resolution images. TEM images were
obtained with a JEOL 2010 TEM (Jeol, Akishima, Japan).

The TG measurements were carried out by a Mettler Toledo thermogravimetric ana-
lyzer (Mettler Toledo, Columbus, OH, USA) under a nitrogen atmosphere, where the gas
flow was fixed at 20 mL min−1. The heating rate was fixed at 5.0 ◦C min−1 and the samples
(3–6 mg) were placed in an alumina crucible.

The UV absorption spectra were taken using a Shimadzu UV-1800 Spectrophotometer
(Shimadzu, Kyoto, Japan) in the wavelength range 200–850 nm.
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Figure 1. The schematic representation of the ZnS nanopowder synthesis.

The measurement of the specific surface area of the produced wurtzite ZnS powder
was carried out using the Brunauer-Emmett-Teller (BET) equation. The samples (about 1 g)
were dried in a vacuum system at 120 ◦C overnight. Nitrogen was used as an adsorbate
gas at 77 K (Nova 2200 surface-area analyzer; Quantachrome Instruments, Boynton Beach,
FL, USA).

The infrared transmittance measurements of the produced powder were performed us-
ing a Thermo Scientific Nicolett 6700 spectrophotometer (Thermo Fisher Scientific, Waltham,
MA, USA) at room temperature; the spectrum range was 4000–400 cm−1 wavenumber
range and a resolution of 2 cm−1.

The elemental analysis was performed in order to verify the purity of the powder using
a Carlo Erba Instruments EA 1110 CHNS-O elemental analyzer (Egelsbach, Germany).

3. Results and Discussion
3.1. On Synthesis

In order to produce wurtzite ZnS in an environmentally friendly and cost-effective
way, we slightly modified the reaction by employing simple mixing at atmospheric pres-
sure instead of a solvothermal method and, moreover, by recycling the solvent that still
contained Zn2+ ions. The w-ZnS nanoparticles were synthesized by a co-precipitation
reaction using precursor solutions at different Zn2+/S2− ratios.

In order to minimize waste according to the circular economy approach in the prepa-
ration of high value compounds such as w-ZnS NPs, following the recommendations of
the European Environmental Agency [24], the synthesis was designed for reuse with both
the reaction media (GE) and the washing solvent.

We observed different color formations in the reactive solution during the synthesis
process. The starting solution was transparent, and was heated up gradually. At 140 ◦C, a
milky white solution was developed that transformed to rose pink almost instantaneously
once the temperature reached 150 ◦C, as shown in Figure 2.
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Figure 2. The color of the solution changes with temperature from milky white at 140 ◦C to rose pink
at 150 ◦C. This change was very quick and easily detectable.

The pink color observed at about 150 ◦C is probably due to the formation of a zinc
complex favored by the isomerization of thiourea in ammonium thiocyanate. A reversible
reaction (1) of thiourea isomerization into thiocyanate (NH4SCN) occurring in the range
140–180 ◦C with an equilibrium ratio of TU:NH4SCN at 1:3 [25]. With the increasing
temperature (>150 ◦C), the formation of guanidinium thyocyanate can occur according to
reaction (3):

SC(NH2)2 ↔ NH4SCN (1)

SC(NH2)2 → NH2CN + H2S (2)

NH4SCN + NH2CN→ [H2N+=C (NH2)2] SCN− (3)

The ammonium thiocyanate Formation (1) can promote the precipitation of the
tetrathiocyanatozincate(II) anion complex [26].

The experimental results of TU decomposition by TGA indicate that NH4SCN, H2S,
NH3, CS2, HNCS can be formed [27,28].

Figure 3 presents the TGA curves of the produced w-ZnS; the curves show mass loss
in the temperature range 200–330 ◦C probably due to the production of the carbon disulfide
(CS2) and ammonia (NH3), while at T > 500 ◦C, we expect other gaseous species such
as cyanamide (H2NCN), hydrogen cyanide (HCN), carbon dioxide (CO2) and carbonyl
sulfide (COS) to be formed, as it was reported by Madaraz and Pokol et al. [28].

The complete decomposition of the thio- and cyano- compounds occurs at T > 500 ◦C,
where a weight loss of between 15% and 31% was observed (see Figure 3).

The FTIR analysis of w-ZnS powders is shown in Figure 4. The spectrum obtained
from the slightly pink colored ZnS powder synthesized at 150 ◦C show at 1100–1500 nm,
the characteristic absorption bands of the sulphur compounds such as C=S, CSNH, SO2,
SO2N, while at 2060 nm, the SCN vibrations and, at 1400 nm, the NH4 peak are present.
These data confirm the presence of TU degradation compounds as observed by TGA. More
research will be conducted to study this degradation mechanism in greater detail [25]. The
broad absorption band at 3200 nm can be attributed to OH from the adsorbed H2O on the
surface of the powder, while the bands at 1560 nm and 1428 nm can be attributed to the
zinc carboxylate [29].
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Figure 3. The TGA curves of the thermal decomposition of the produced wurtzite ZnS.
Red (A) = washed with water for 5 min, black (B) = washed with acetone and ethanol for 5 min, blue
(C) = commercial ZnS powder (UMICORE). The flow rate of N2 was 20 mL min−1; the heating rate
equals 5 ◦C min−1.
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On the other hand, the comparison of the UV spectra of the washing solutions
(wurtzite nanopowder in washing medium acetone and ethyl alcohol) used for the ZnS
nanopowders obtained at 140 ◦C and 150 ◦C (Figure S1 in Supplementary Material) showed
the presence of a peak (around 320 nm) in the spectrum of the solvent used for the powder
obtained at 150 ◦C, probably attributable to a derivative of the carbodiimide which is one
of the products of the decomposition of thiourea.

The elemental analysis shows that after washing the resultant w-ZnS nanopowder
twice with acetone and twice with EtOH, impurities are still present. In particular, the
powder contains C = 13.77%, N = 1.18% and H = 2.50%. By introducing an additional
washing step with cold water, the following elemental analysis was obtained: C = 7.11%,
N = 0.34% and H = 1.55%. A successful removal of the solvents and degradation products
was achieved by increasing the washing times, as reported in Figure 4.
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The effect of the nmZn/nMS molar ratio can be observed in Figure S2 of the Supple-
mentary Material. The quantity of the nanopowder production is strongly correlated to the
concentration of zinc ions; in particular, an excess of zinc ions is required to increase the
production of w-ZnS nanopowder.

3.2. Temperature Effect

Temperature plays an important role in the synthesis of nano w-ZnS. According to
Cheng et al. [19], the Zn2+ ions and TU homogeneous EG solutions are mixed, and the
following reaction can be described:

Zn2+ + nCS(NH2)2 → {Zn[CS(NH2)2]n}2+ (4)

creating a strong coordination complex that at about 110 ◦C may decompose generating
nucleuses and then ZnS crystals having hexagonal form.

Moreover, to avoid obtaining a precipitate containing degradation products of thiourea
that are very difficult to wash out, it is necessary that the synthesis reaction take place at
140 ◦C. We performed dozens of experiments and we can confirm that synthesis at 140 ◦C
is the only way to obtain a white w-ZnS nanopowder as the final product which contains
only the solvent (EG) and the reagents (TU and ZnCl2) as impurities, which are easy to
remove through a standard washing procedure using centrifugation.

We also investigated options involving tailoring this synthesis route to maximize
the production yield of nanocrystalline wurtzite ZnS. We used the same reaction of zinc
chloride with thiourea dissolved in ethyl glycol to produce pure, nanocrystalline ZnS
of hexagonal phase in a series of consecutive experiments. The amount of the solvent
was kept the same (60 mL of ethyl glycol) by re-using the remnants of the solvent from
the previous reaction and topping up the quantity lost. The productivity yield increased
3.5 times in 6 successive reactions, from 156 mg to 549 mg per batch at a constant ratio
R = mMZn/mMS = 1 (see Figure 5c). The solvent in the last batch solution contained
17 ppm of zinc and 6 ppm of sulphur. From the XRD measurements in Figure S3, we can
see that the “standard” sample is more crystalline in respect to the “recycled” ones, as the
latter contain more remnants from the organic part, as confirmed by the TGA (Figure 3)
and FTIR (Figure 4) measurements.

It is also worth noting that the pilot plant is able to create a considerable amount
of nanopowder relatively quickly: across 3 batches produced using the same solvent,
(VEG = 600 mL, t = 2 h, T = 140 ◦C, molar ratio mMZn/mMS ≈ 0.45) 13.732, 11.437, and
12.685 g of wurtzite ZnS were obtained, giving a total of 37.854 g for the whole process.

3.3. Structural and Microstructural Characterization

With the synthesis method described above, we were able to produce pure, nanocrys-
talline ZnS of hexagonal (wurtzite) phase (Figure 5b) in a series of consecutive experiments.
After the final drying procedure of the ZnS solution, we observed an unusual phenomenon:
a self-alignment of the ZnS wurtzite nanopowder in highly ordered arrays (Figure 5a),
probably arising due to the inherent polar nature of the wurtzite nanoparticles and the
polar nature of the solvent (ethyl alcohol).

XRD analysis confirmed the hexagonal structure of ZnS (see Figure 5d), while SEM
observation (Figure 6) showed nicely agglomerated spheres made of nanoparticles that we
could clearly observe in the TEM image (Figure 7). The SEM observations revealed that
the nanopowder sample is organized quite uniformly on a large scale in 100–200 nm-size
globular structures (see Figure 6). The microstructure at the local level was studied using
TEM. HRTEM images taken at higher magnification show that the w-ZnS samples are
nanophase materials with crystallite made up of about 3 nm in size. The specific surface
area of the ZnS nanopowder was measured as being 38 m2/g.
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Figure 5. (a) Self-alignment of the ZnS wurtzite nanopowder (after thermal treatment at 70 ◦C for
1 h) into highly ordered arrays; (b) The final product—wurtzite ZnS nanopowder; (c) The results
of the “recycling” synthesis experiments; and (d) The XRD diffractogram taken from the produced
nanopowder ZnS.
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Figure 7. High-resolution TEM image. The images show nanoparticles as small as about 3 nm taken near the surface of an
agglomerate. The measured distance between plains is compatible with the distance of (1,0,2) planes of hexagonal ZnS (i.e.,
about 0.23 nm).

4. Conclusions

In order to produce wurtzite in an environmentally friendly and cost-effective way, a
co-precipitation reaction including a simple mixing of precursors at atmospheric pressure
was explored. In addition, a successful procedure for recycling of the solvent that still
contains Zn2+ ions (from the previous reaction) was introduced. As a consequence of
this greener, “circular approach”, that complements ongoing research trends towards eco-
friendly nanoparticle production [30], the productivity yield increased 3.5 times. Following
the lab tests, an in-house pilot plant was built, able to produce substantial amounts of
wurtzite ZnS nanopowder in an environmentally friendly and cost-effective way, whereby,
across three batches prepared in sequence using the same solvent, approximately 38 g were
obtained (VEG = 600 mL, t = 2 h, T = 140 ◦C, mMZn/mMS≈ 0.45). The yield increased using
this molar ratio as reported in Figure S2. Based on the present results, the main advantages
of our home-made pilot plant (see Figure S4 of Supplementary Material) include: (i) easy
assemblage from commercially available items, (ii) transparency of the glass reactor for
clear monitoring of the synthesis process, (iii) production yield of about 18–20% per batch,
and (iv) 100% solvent recyclability.

A further investigation regarding the washing procedure of the synthetized w-ZnS
nanopowder is envisaged to achieve a higher degree of purity, for example, the use of an
ultrasound bath could lead to a greater removal of impurities while reducing the washing
time. Our thermogravimetric measurements show that the remnants of ethyl glycol and
thiourea decompose completely at 250–290 ◦C (see Figure 3), hence a flash-heating of the
powder might be worth exploring as an additional purification method.

One crucial aspect that highlights the importance of recycling within the chemical
process is the solvent recovery and reuse. Our practice allows for a significant reduction
in the amount of solvent needed for the w-ZnS nanopowder production process, and
we expect to employ the same approach for the synthesis of other similar materials such
as ZnO.
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Supplementary Materials: The following are available online at https://www.mdpi.com/2079-4
991/11/3/715/s1, Table S1: Synthesis of wurtzite ZnS by co-precipitation technique, Figure S1:
The UV absorption spectra of the w-ZnS powder washing solutions: w-ZnS produced at 150 ◦C
(blue), at 140 ◦C (red) and of clean solvent (green), Figure S2: The graph showing the production
of w-ZnS (in grams) as a function of the nmZn/nMS molar ratio used in the synthesis, Figure S3:
XRD diffractogram taken from the ZnS “standard” samples—red and blue, and from the “recycled”
samples—green, orange and purple lines, Figure S4: The glass reactor of the pilot plant and jars
containing the recycled solvent (right) and the w-ZnS solution (left). The pilot plant consists of a 5 L
transparent jacketed glass reactor with the mechanical stirrer, equipped with a temperature sensor
and controller, stirring velocity controller and a pH value indicator, as well as a circulating bath with
advanced digital temperature controller.
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Abstract: The thermo-catalytic synthesis of hydrocarbons from CO2 and H2 is of great interest for
the conversion of CO2 into valuable chemicals and fuels. In this work, we aim to contribute to the
fundamental understanding of the effect of alloying on the reaction yield and selectivity to a specific
product. For this purpose, Fe-Co alloy nanoparticles (nanoalloys) with 30, 50 and 76 wt% Co content
are synthesized via the Inert Gas Condensation method. The nanoalloys show a uniform composition
and a size distribution between 10 and 25 nm, determined by means of X-ray diffraction and electron
microscopy. The catalytic activity for CO2 hydrogenation is investigated in a plug flow reactor
coupled with a mass spectrometer, carrying out the reaction as a function of temperature (393–823 K)
at ambient pressure. The Fe-Co nanoalloys prove to be more active and more selective to CO than
elemental Fe and Co nanoparticles prepared by the same method. Furthermore, the Fe-Co nanoalloys
catalyze the formation of C2-C5 hydrocarbon products, while Co and Fe nanoparticles yield only CH4

and CO, respectively. We explain this synergistic effect by the simultaneous variation in CO2 binding
energy and decomposition barrier as the Fe/Co ratio in the nanoalloy changes. With increasing Fe
content, increased activation temperatures for the formation of CH4 (from 440 K to 560 K) and C2-C5

hydrocarbons (from 460 K to 560 K) are observed.

Keywords: nanoparticle; nanoalloy; catalyst; CO2 reduction; hydrocarbon; synthetic fuel; iron; cobalt

1. Introduction

CO2 capture and utilization (CCU) is the process of capturing CO2 anthropogenic emissions and
using them to synthesize valuable and useful chemicals. When applied to fuel production, this concept
translates into a closed carbon cycle, thus implementing a sustainable energy system. The production
of liquid synthetic fuels is especially interesting for large scale energy storage because they retain all
the benefits of liquid fossil fuels, such as high energy density and stability in ambient conditions [1,2].
In this framework, the quest for a material that efficiently catalyzes the reaction between CO2 and H2

is of key importance, since CO2 is a very stable molecule (∆fH0
298 K,CO2 = −393.5 kJ/mol).

Historically, there are two major reactions for the thermo-catalytic synthesis of hydrocarbons
from CO2 or CO: The Sabatier reaction (Equation (1)), which is highly selective towards CH4, and the
Fischer–Tropsch (FT) reaction (Equation (2)), which is up to date and the most industrially relevant
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reaction to synthesize hydrocarbon fuels, alcohols and waxes from syngas (mixture of H2 and CO,
mainly). If CO2 obtained from the atmosphere or from local emitters is the starting molecule for the
synthesis, the FT reaction can be combined with the (endothermic) reverse water gas-shift reaction
(RWGS, Equation (3)). Another variation is the direct conversion of CO2 to higher hydrocarbons via a
FT-like reaction (Equation (4)).

CO2 + 4H2 → CH4 + 2H2O
(
∆H0 = −164.9 kJ/mol

)
, (1)

nCO + (2n + 1)H2 → CnH2n+2 + nH2O, (2)

CO2 + H2 → CO + H2O
(
∆H0 = +41.18 kJ/mol

)
, (3)

nCO2 + (3n + 1)H2 → CnH2n+2 + 2nH2O, (4)

The C2+ products are energetically close together, therefore, the catalyzed synthesis leads to a
wide range of products. Furthermore, the synthesis of C2+ products requires the reaction of CO2 with
hydrogen and simultaneously also the reaction between the C-containing intermediates. These two
competing reactions have to be controlled independently in order to yield a specific product. The direct
CO2 hydrogenation is of great importance and recent publications have shown that the selectivity and
yield towards C2+ hydrocarbons can be increased either via the combination of different catalysts in a
multi-catalysts bed [3–5], or via alloying the transition metals Fe, Co, Ni and Cu, combined with alkali
metal promoters, such as Na and K [6].

Fe-based alloys, such as Fe-M (M = Cu, Co, Ni), have been in the focus of investigations since they
were found to be the most active elements of industrial relevance in the formation of longer chained
HCs via direct CO2 hydrogenation [7–9]. Among these kinds of materials, supported Fe-Co-based
nanoparticles (NPs) show the highest C2+ yields: 25.4% C2+ yield with 35.8% CO2 conversion for
K-promoted Fe0.9Co0.1 on Al2O3 [10], or 14.3% C2+ yield with 33.3% CO2 conversion for Fe0.9Co0.1 on
TiO2 (1.1 MPa, 573 K) [9].

While the supporting metal oxide phases are known to alter the reaction, they also provide
mechanical and thermal stability to the NPs to avoid sintering [11]. The mainly alkali metal promoters
are used to enhance the selectivity towards C2+ hydrocarbons.

The principal focus of the literature is on finding the material with the best catalytic activity and
selectivity in order to increase the reaction yield. In this work, instead, we aim to contribute to the
fundamental understanding of the effect of alloying on the reaction yield and selectivity to a specific
product. Therefore, to study the fundamental influence of alloying Fe and Co, we relinquish the use of
a metal oxide support and promoters. The aim of this paper is the analysis of the structure, composition
and stability of unsupported Fe-Co alloy NPs (nanoalloys), synthesized via Inert Gas Condensation
(IGC), and their catalytic properties in the CO2 hydrogenation reaction.

IGC is chosen as synthesis method since it is a versatile technique that can produce elemental
NPs [12], bimetallic NPs [13,14], and other hydride or oxide nanocomposites [15,16] of high purity,
with good control of the bulk composition in free-standing powder form.

2. Materials and Methods

NPs were grown via IGC in an ultrahigh-vacuum (UHV) chamber, equipped with a tungsten
boat as a thermal vapor source [17]. The precursor material of the Fe-Co nanoalloys was a mixture of
microcrystalline Fe (Sigma-Aldrich, Darmstadt, Germany, particle size <450 µm, purity >99%) and Co
(Sigma-Aldrich, particle size <150 µm, purity ≥99.9%) powders previously melted and alloyed in the
tungsten boat. Three Fe-Co powder mixtures with 25 wt%, 50 wt% and 75 wt% Co content were used
to synthesize nanoalloys with different Fe/Co ratios. The corresponding samples are named 30Fe70Co,
50Fe50Co, and 76Fe24Co throughout the manuscript, according to the SEM-EDX quantified elemental
wt% content of the sample, as reported in Table 1. Single-element Fe and Co NPs were also synthesized
from the unmixed powders for comparison.
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Table 1. Mean crystallite size d and lattice parameter a obtained from XRD analysis of metallic bcc
reflections; Fe and Co content from EDX; BET-measured surface area SBET

A ; surface area STEM
A and

volume-weighted mean diameter d
TEM

calculated from TEM size distributions. The numbers in
parenthesis represent the standard error in units of the last significant digit.

Sample d a (Å) wt% Fe wt% Co SBET
A (m2 g−1) STEM

A (m2 g−1) d
TEM

(nm)

Fe 15 (1) 2.8729 (4) 100 0 – – –
76Fe24Co 19 (1) 2.8686 (2) 76 (2) 24 (2) 47 (9) 56 15 (7)
50Fe50Co 18 (1) 2.8629 (2) 50 (2) 50 (2) 56 (5) 63 13 (5)
30Fe70Co 25 (1) 2.8410 (2) 30 (2) 70 (2) 56 (5) 37 22 (7)

The synthesis chamber was preliminarily evacuated to 2 × 10−5 Pa and then filled with He
(99.9999% purity) up to a final pressure of 260 Pa. NPs nucleated in the gas phase because the
metal vapors quickly supersaturated via thermalization with the surrounding He gas. A He flow of
60 mLn/min, regulated with the aid of a mass flow controller, was directed on the evaporation boat
during the whole synthesis in order to facilitate the removal of the NPs from the hot zone where NP
coalescence takes place. The pressure was maintained constant by the simultaneous operation of the
rotary pump. A liquid N2 cooled rotating stainless-steel cylinders allowed for the collection of NPs via
thermophoresis. The NPs were finally scraped off by means of a stainless-steel blade and transferred
into an auxiliary UHV chamber, from which they were extracted and sealed under inert Ar atmosphere.

The composition and structure of the as-prepared NPs were determined by scanning electron
microscopy (SEM) with a Leica Cambridge Stereoscan 360 equipped with an X-ray detector for
energy dispersive X-ray (EDX) microanalysis, and by X-ray diffraction (XRD) with a PANalytical
X’celerator diffractometer employing Cu Kα radiation. XRD patterns were analyzed with the MAUD
Rietveld refinement software [18] to determine the lattice parameters, crystallite size, and relative
phase abundance.

The morphology and the size distribution of the samples were analyzed by means of a FEI Tecnai
F20 ST transmission electron microscope (TEM), operated at 200 kV. High-angle annular dark field
(HAADF) images and EDX elemental profiles at the single NP level were acquired in the scanning
TEM mode (STEM). For TEM analysis, the NPs were dispersed in isopropanol and the suspension
was drop-casted on a holey carbon support grid. The specific surface areas of the nanoalloys were
determined by applying the Brunauer–Emmett–Teller (BET) method to N2 adsorption isotherms
measured in a Belsorp mini II instrument after degassing in a vacuum at 423 K for 0.5 h.

The CO2 hydrogenation experiments were carried out in a dedicated gas control and analysis
system with a highly isothermal packed bed [19]. The reactor was loaded with 10 mg of catalyst in the
glovebox and the reactor tubing was pumped out and flushed with He three times before the valves
that connect the reactor to the tubing were opened. After opening the valves, a constant He flow of
10 mLn/min was applied and the reactor was heated up to 393 K.

The catalyst and the reactor tubing were pre-treated in these conditions for at least 30 min to
evaporate remaining moisture. Furthermore, all the tubes in the downstream were heated to 433–473 K
in order to evaporate the moisture in the tubing to the mass spectrometer. After the He pretreatment,
the catalyst and tubing were treated with a 7.5 mLn/min H2 and 2.5 mLn/min He gas mixture at 393 K
to further reduce remaining oxides. The nanoalloys were not pre-reduced at high temperature to avoid
coarsening phenomena that would lead to the loss of the nanostructure. They were dispersed on
glass-wool to facilitate the loading into the reactor and to distribute evenly in the reactor tube.

The aluminum inlet in the reactor oven ensured a uniform temperature distribution over the length
of the reactor and, therefore, enabled a precise temperature measurement by means of a thermocouple
placed directly on the reactor tube.

After the surface reduction, a gas mixture with a ratio of H2:CO2 = 4:1 with He as carrier gas and
a total flow of 10 mLn/min was set on the mass flow controllers to the bypass of the reactor after closing
the valves to the reactor. The gas flows and purities were: 6 mLn/min and 99.995% for H2; 1.5 mLn/min
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and 99.998% for CO2; 2.5 mLn/min and 99.999% for He. After a stable gas mixture was achieved,
the reaction gas stream was let through the reactor and the measurement was started. The reactor oven
was then heated up at a rate of 2 K/min from 393 K to 823 K (oven set points). The effective measured
temperatures were 390 K to 810 K on the reactor. The reaction was carried out at ambient pressure.
Given the small amount of sample, eventual gaseous products arising from further reductions in
phases in the material during the temperature ramp would be negligible, compared to the gas flow in
the reactor.

A spectrum of masses from 1 to 100 u was measured approximatively every two minutes with an
OmniStar Pfeiffer Mass Spectrometer (MS). The product analysis by means of MS is discussed in the
next section.

For the analysis of the products of the catalytic reaction, we applied a semi-quantitative method
by means of mass spectrometry (MS), which allowed for the comparison of the activity and selectivity
among the catalysts. This method is a variation of the quantitative analysis method we developed and
described in detail in our previous work [19,20]. In comparison to that method, we accounted for the
pressure fluctuations over the MS capillary by normalizing the intensity of the signal to a reference
pressure, which was defined and the same for all experiments. The internal pressure was logged for
every spectrum; hence the normalization was applied on each spectrum. Since the signal intensity in
the Faraday detector was linear to the incident ions, it was also directly proportional to the pressure
difference over the capillary. Therefore, a normalized and comparable signal was obtained if the signal
intensity (ion current) was multiplied by a correction factor fcorr, calculated from the logged MS partial
pressure pMS and the reference pressure pre f :

fcorr = pMS/pre f (5)

where pre f = 10−3 Pa. After the integration of the peaks over one half of a mass/charge ratio m/z, the
integration area was normalized with fcorr:

Acorr,mz = Amz/ fcorr (6)

where Amz is the area of the integrated signal peak for one m/z. With this method, the (integrated) signal
intensity for different catalysts could be directly compared for each m/z, allowing a semi-quantitative
analysis. For the quantification of the partial pressures of the products with this method,
a pressure-normalized calibration for all products would be required. For our purposes, this was
not necessary.

In any case, the MS peaks of C1-C5 hydrocarbons (HCs) strongly overlapped with the peaks of
CO2 and CO. To identify the ideal m/z peaks for the analysis, reference electron ionization patterns
for each compound (C1-C5 HC, MeOH, EtOH, CO, CO2, H2 and He) were plotted, based on the data
reported on the NIST Chemistry WebBook [21]. Based on these data, the reference peaks were selected,
as shown in Table S1.

3. Results

3.1. Structure, Morphology and Composition of Fe-Co Nanoalloys

The TEM images in Figure 1a–c show the morphology of the as-prepared nanoalloys. The NPs
sizes follow a log-normal distribution, typical for this technique [22]. The mean NP size spans from
10 to 13 nm, with sample 30Fe70Co having the largest size. It is worth noting that the distributions
in Figure 1d,f are, intrinsically, number-weighted distributions. However, in Table 1 we report the

volume-weighted mean diameter (or de Brouckere mean d
TEM

), assuming spherical particles that can
be directly compared to the mean crystallite determined by XRD.
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angles with increasing Co content, indicating the decrease in the lattice parameter, as shown in Table 
1, compatible with the smaller atomic radius of Co. In sample 30Fe70Co only, traces of a second face-
centered cubic (fcc) Fe-Co phase are detected. A Fe3O4 magnetite-like inverse spinel structure is also 
detected, featuring broader diffraction peaks corresponding to a crystallite size of about 3 nm. The 
relative abundance of this phase within the sample decreases with increasing Co content and is barely 
visible in the XRD pattern of 30Fe70Co. 
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them. (a,d): 30Fe70Co; (b,e): 50Fe50Co; (c,f): 76Fe24Co. The blue and green profiles represent Co and
Fe counts, respectively. Red squares represent the calculated Co atomic content.

The overall Fe and Co contents measured by SEM-EDX on the NPs batch are reported in Table 1.
In the two samples with higher Fe content, the SEM-EDX agree with the nominal precursor composition
within the experimental uncertainty. The sample 30Fe70Co seems to have a higher Fe content
(30 ± 2 wt%) than its precursor. This discrepancy can be explained by the higher vapor pressure of
Fe (37 Pa at 2000 K) with respect to Co (20 Pa at 2000 K) [23], which leads to a higher evaporation
rate of Fe. It is, however, possible to calibrate the relative Fe content in the precursor in order to
achieve the target nanoalloy composition. Such an approach requires that the activity coefficients of
the two elements do not vary strongly with composition, otherwise the relative evaporation rates
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would change during the synthesis resulting in a non-homogeneous batch. Another option is to use
two closely spaced and independently controlled evaporation sources to produce a vapor mixture
with the target composition [24].

The specific surface area of each sample measured with the BET method, SBET
A , is reported in

Table 1. Assuming spherical and isolated NPs (no interfaces), it is possible to evaluate the specific
surface area STEM

A from the TEM size distribution through the formula:

STEM
A =

STOT
ρ VTOT

=
6

∑
i d2

i

ρ
∑

i d3
i

, (7)

where di is the diameter of the i-th particle observed by TEM and ρ is the density of the NPs. The results
are compared to SBET

A in Table 1. For the calculation, ρ is taken as a weighted average of the bulk
densities of Fe, ρFe = 7960 kg m−3, and Co, ρCo = 8830 kg m−3.

Figure 3 shows the XRD patterns of Fe and the three nanoalloys, all showing the Bragg reflections
characteristic of a body-centered cubic (bcc) α-phase. The (110) peak shifts toward higher angles
with increasing Co content, indicating the decrease in the lattice parameter, as shown in Table 1,
compatible with the smaller atomic radius of Co. In sample 30Fe70Co only, traces of a second
face-centered cubic (fcc) Fe-Co phase are detected. A Fe3O4 magnetite-like inverse spinel structure is
also detected, featuring broader diffraction peaks corresponding to a crystallite size of about 3 nm.
The relative abundance of this phase within the sample decreases with increasing Co content and is
barely visible in the XRD pattern of 30Fe70Co.

Figure 3. XRD patterns of the three Fe-Co nanoalloys compared to elemental Fe NPs. The peaks of the
bcc Fe-Co alloy shift toward higher angles with increasing Co content.

3.2. Catalytic Properties of Fe-Co Nanoalloys

The catalytic performances of the samples are summarized in Figure 4a–e, showing the CO2

conversion, CO yield and CH4 yield for the nanoalloys and elemental NPs. Here the yield is defined as
the ratio between the output flow of the product and the input flow of CO2, meaning that the sum of all
product yields is equal to the CO2 conversion. A product-by-product comparison of the same results
is presented in Figure S1 of the SI. Figure 4f shows the C2-C5 yield of the same samples. The Fe-Co
nanoalloys all exhibit activity in the CO2 hydrogenation reaction where CH4 and CO are the major
carbon containing products on all catalysts. Compared to elemental Fe or Co NPs, the nanoalloys
show conversion yields for CO and CH4 with a different temperature dependence and genuinely new
activity towards the formation of C2-C5 hydrocarbons. The total CO2 conversion is given as the sum
of CO and CH4 yields. As explained in the Materials and Methods section, the analysis of C2-C5

hydrocarbons is semi-quantitative but the absolute yield would be < 1%, therefore neglecting it does
not significantly affect the CO2 conversion curve. The formation of alcohols, such as methanol or
ethanol, is not detected. The highest CO2 conversion (at moderate temperatures) is 18%, achieved by
76Fe24Co at 662 K with 28% CH4 and 72% CO selectivity. While the effects of the alloy composition on
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the reaction temperatures will be discussed later, no clear trend for the maximum conversion of C2-C5

products as a function of the Fe content in the alloy can be determined.
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Figure 4. Catalytic properties of samples (a) Fe, (b) 76Fe24Co, (c) 50Fe50Co, (d) 30Fe70Co, (e) Co in
a flow reactor with 4:1 H2:CO2 ratio, 1 bar and 10 mLn min−1, measured by mass spectroscopy.
The stacked area-filled plots show the total CO2 conversion with the separated contributions of CO
yield in grey and CH4 yield in green; (f) conversion of CO2 into C2-C5 HCs obtained semi-quantitatively
by summing the normalized MS signals for m/z = 26, 29, 30, 39, 56, 57, and 70; (g) activation temperature
Ta of the nanoalloy catalysts for CH4 and C2-C5 production as function of their Fe content. The error bars
represent the standard deviation in the activation temperatures of the different C2-C5 HCs, as detailed
in Table S2.
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Figure 4g reports the activation temperatures Ta for the formation of CH4 and C2-C5 HCs products,
as determined by analyzing the reference MS peaks for each molecule versus the Fe content in the
nanoalloys. The error bar given on the data points for C2-C5 corresponds to the standard deviation of
the Ta values observed for the various products, as shown in Table S2.

Two trends are observed: first, the formation of C2-C5 HCs starts at temperatures higher than those
observed for CH4, with the exception of 76Fe24Co, where Ta = 560 K for all HCs. Second, Ta increases
with increasing Fe content in the alloy. This is also clearly visible in Figure 4a–e for CH4 and in Figure 4f
for C2-C5 products, where the peaks shift to higher temperatures with increasing Fe content. Table S2
in the SI lists the detailed results of the kinetic analysis for the three nanoalloys, reporting the kinetic
reaction range, the temperature of maximum activity, and the activation energy Ea of each product.

As concerns Ea, in almost all cases, it is larger for the C2-C5 products than for CH4, as listed in
Table S2. Moreover, Figure S2 shows that the Ea values of the C2-C5 products increase with increasing
Fe content, thus following a trend similar to Ta. The Ea values are in the ranges 65–80 kJ mol−1 for
Fe30Co70, 80–140 kJ mol−1 for Fe50Co50, and 110–275 kJ mol−1 for Fe76Co24. It is worth noting that
these values are measured at conditions constrained by the thermal stability of the materials and
are meant to be compared within this work, not to other Fe-based catalysts that have been properly
activated with thermal treatments that typically last several hours above 573 K.

4. Discussion

4.1. Structure, Morphology, and Composition of Fe-Co Nanoalloys

The volume-weighted average NPs size d
TEM

calculated from the size distributions of Figure 1
under the assumption of spherical NPs is in good agreement with the average crystallite size,
determined by XRD, as shown in Table 1, supporting the idea that NPs are mostly single crystalline.
The specific surface area STEM

A , estimated from the TEM size distributions under the additional
hypothesis of isolated NPs, is in good agreement with the BET result SBET

A for the two samples,
76Fe24Co and 50Fe50Co, suggesting that NPs retain most of their free surface despite aggregation.
Contrarily, for sample 30Fe70Co, STEM

A is about 50% larger than SBET
A , indicating that aggregation leads to

a loss of surface area in favor of interface area. This is in qualitative agreement with the presence of NPs
in Figure 1a, the size of which largely exceeds the average value, hinting at inter-particle coalescence.

HAADF-STEM images, as shown in Figure 2a–c, show that the NPs are surrounded by a 2–3 nm
thick shell with a lower contrast, which suggests that the average atomic number is lower than in the
core. This information, combined with XRD, points to the metal core/oxide shell nature of the NPs.
The oxide shell has a cubic inverse spinel structure (space group Fd3m) and forms during the slow
air exposure for XRD and TEM experiments [25]. The shell is identified as magnetite Fe3O4 for the
elemental Fe NPs, and cobalt ferrite (FexCo1-x)3O4 [26,27] for the Fe-Co nanoalloys. The STEM-EDX
profiles in Figure 2e,f show that the Fe/Co ratio in the shell is similar to the core. The (FexCo1-x)3O4

peaks decrease in intensity with increasing Co content, indicating a higher oxidation resistance, as
already reported for nearly equimolar Fe-Co nanoalloys [28].

After the CO2 hydrogenation experiments the oxide, is not detected anymore by XRD, as shown
in Figure S3, nor is carbon laydown. The mean crystallite size is increased as expected after exposure
to temperatures >800 K; however, the alloy is still observed with no phase segregation.

4.2. Catalytic Properties of Fe-Co Nanoalloys: Compositional Effects

The Fe-Co alloys, compared to elemental Fe and Co, display a much higher selectivity toward CO,
an intermediate one for CH4, and show activity in the catalytic formation of C2-C5 hydrocarbons, as
shown in Figure 4f. The high activity of the Fe-Co alloys towards CO means that the surface of these
catalysts is rich in adsorbed CO, which is not the case for Fe and Co, although for opposite reasons,
as discussed later. The abundance of adsorbed CO suggests that the C2-C5 HCs are synthesized via
RWGS + FT reactions (Equations (2) and (3)) rather than via direct CO2 hydrogenation (Equation (4)).
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Remember that Co acts as a purely Sabatier catalyst, while Fe is active towards the RWGS reaction,
and only at high temperatures.

The theoretical work of Liu et al. [29] on the reduction of CO2 on transition metal surfaces provides
a deeper understanding of these results. They conclude that CO2 is strongly adsorbed on Fe surfaces,
but this is not favorable for CO2 decomposition into CO + O, because the energy of the transition
state between adsorption and decomposition causes a high reaction barrier. On the other side, CO2 is
weakly adsorbed on Co surfaces, but the transition state energy is similar to that of Fe, resulting in a
lower decomposition barrier. A qualitative representation of the relevant energy levels and barriers is
sketched in Figure 5. The adsorption and decomposition of the CO2 molecule are necessarily the first
steps in CO2 hydrogenation and here we argue that they are key steps for the Fe-Co catalytic system.
Based on the results of these calculations, it is possible to better interpret the catalytic activity measured
for pure Fe and Co. Fe surfaces are covered with CO2 that is easily adsorbed but is too strongly bound
to react, showing very poor CO2 conversion rates in general. When the temperature is high enough to
overcome the CO2 decomposition barrier, CO is the only product because it is thermodynamically
favored. On Co surfaces, the weak adsorption energy means that the surface is not rich in adsorbed
CO2 but most of the adsorbed molecules decompose into CO because of the low decomposition energy
barrier. The few and isolated CO molecules cannot then meet to start the HC chain by forming C-C
bonds, so that the hydrogenation reaction necessarily goes on from CO to CH4.
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Figure 5. Schematic representation of the calculated energy levels of (from left to right) free CO2,
adsorbed CO2, transition state, decomposed CO2 into CO + O. In red, relative to Fe surface; in purple,
relative to Co surface. The dashed vertical lines highlight the difference between Fe and Co in adsorption
energy and decomposition barrier [29].

Although we are not aware of similar theoretical studies for Fe-Co surfaces, it is reasonable to
expect a composition-dependent intermediate behavior for the alloy. This view is supported by our
experimental finding that both Ea and Ta of HCs formation increase with increasing Fe content in the
alloy. Higher Ea and Ta values mean a stronger interaction of the adsorbed species with the surface
(i.e., a more Fe-like behavior). By adjusting the Fe/Co ratio in the alloy, it is therefore possible to tune
the CO2 adsorption energy and decomposition barrier in order to have more CO2 adsorbed than on
Co but, at the same time, an easier decomposition to CO than on Fe. The result is an abundance of
adsorbed CO on the alloy surface, which is the cause for the higher selectivity to CO and the starting
point in the formation of C-C bonds for the growth of HC chains in FT synthesis. The low C2-C5 yields
(in Figure 4f the y-axis is in arbitrary units, but the yield is < 1%), the limitations of the MS technique,
and the limited amount of data do not allow for a quantitative composition dependent analysis. It will
be interesting to investigate this aspect in a future work and at higher operating pressures.
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The Ta values of the various C2-C5 products are similar and slightly higher than for CH4 ( ∆Ta ∼35 K
for 30Fe70Co and 50Fe50Co). This difference in Ta is explained considering the superior kinetics of the
Sabatier reaction compared to the RWGS + FT reaction [30], especially at lower temperatures, where the
Sabatier reaction is also thermodynamically favored. With increasing temperature, CO synthesis
through RWGS starts to compete with the Sabatier reaction. This is the reason why ∆Ta almost vanishes
for the 76Fe24Co nanoalloy (i.e., the composition that shows the highest activation temperature
Ta = 560 K).

5. Conclusions

The Fe-Co nanoalloys synthesized by inert gas condensation exhibit enhanced catalytic activities
for CO2 hydrogenation compared to elemental Fe and Co NPs, being also slightly active toward the
synthesis of C2-C5 hydrocarbons. On top of CO2 conversion and product yield, thanks to the developed
set-up, based on mass spectrometry, it is possible to measure the activation temperature Ta and estimate
the activation energy Ea for each reaction product. The observed increase in both Ta and Ea with rising
Fe content in the nanoalloys, as well as their activity in C2-C5 synthesis, is interpreted based on the idea
of composition-dependent CO2 adsorption energy and decomposition barrier. The balance between
the high density of adsorbed stable CO2, typical of Fe, and the low density of easily decomposed CO2,
typical of Co, leads to higher activity and C-C bond formation on the Fe-Co surface, which initiates the
hydrocarbon chain. This work is relevant in assessing the catalytic properties of Fe-Co nanoalloys,
ruling out the effects of supports, metal/support interfaces, and promoters.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/10/7/1360/s1.
Table S1: Reference table for the assignments of mass spectrometer peaks. Table S2. Activation temperature (Ta) of
selected m/z mass spectrometer peaks, which are assigned to C1-C5 hydrocarbon products, the corresponding
temperature of the maximum activity Tmax, the starting and ending temperature of the kinetically determined
reaction range (T1 kin and T2 kin), and activation energy (Ea). %Tmax is an indicator that tells us if the reaction
is solely limited by the reaction kinetics; it gives the ratio of T2 kin compared to Tmax. R2 is assigned to the
Arrhenius plots (inverse T1 kin to T2 kin vs. the natural logarithm of the normalized MS signal) on which the
activation energy is determined. Figure S1: Catalytic properties of Fe, Co and Fe-Co NPs in a flow reactor with 4:1
H2:CO2 ratio, 1 bar and 10 mLn min−1, measured by mass spectroscopy. (a) CO2 conversion (b) CO yield, (c) CH4
yield, (d) conversion curves of the summed up C2-C5 mass spectrometer normalized signals for m/z = 26, 29, 30,
39, 56, 57, 70. Figure S2: Activation energies of C2-C5 product formation as a function of the Fe content in the
alloy precursor. The colors corresponding to the different products are listed in the legend, with the m/z ratio
of the MS reference peak increasing from top to bottom. Figure S3 (a): XRD of the Fe-Co samples after the CO2
hydrogenation experiments, background corrected; (b): a detail of the main Fe-Co peak shifted to higher angular
positions with increasing Co content.
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Abstract: UV-photoexcitation of TiO2 in contact with aqueous solutions of azo dyes does not imply only
its photocatalytic degradation, but the reaction fate of the dye depends on the experimental conditions.
In fact, we demonstrate that the presence of sodium formate is the switch from a degradative pathway
of the dye to its transformation into useful products. Laser flash photolysis experiments show that
charge separation is extremely long lived in nanostructured TiO2 thin films, making them suitable to
drive both oxidation and reduction reactions. ESR spin trapping and photoluminescence experiments
demonstrate that formate anions are very efficient in intercepting holes, thereby inhibiting OH
radicals formation. Under these conditions, electrons promoted in the conduction band of TiO2

and protons deriving from the oxidation of formate on photogenerated holes lead to the reductive
cleavage of N=N bonds with formation and accumulation of reduced intermediates. Negative ion
ESI–MS findings provide clear support to point out this new mechanism. This study provides a
facile solution for realizing together wastewater purification and photocatalytic conversion of a waste
(discharged dye) into useful products (such as sulfanilic acid used again for synthesis of new azo
dyes). Moreover, the use of TiO2 deposited on an FTO (Fluorine Tin Oxide) glass circumvents all the
difficulties related to the use of slurries. The obtained photocatalyst is easy to handle and to recover
and shows an excellent stability allowing complete recyclability.

Keywords: TiO2; azo dye; wastewater treatment; photocatalysis; sodium formate

1. Introduction

Very large amounts of dyes are annually produced and used in different industries, including textile,
leather and paper industries [1]. Approximately 50–70% of the dyes available on the market are azo
compounds, some of which have been reported to be or are suspected to be human carcinogens [2,3].

In addition, considering that up to 20% of dyestuff is discharged directly into the environment,
it appears immediately evident that azo dyes are hazardous pollutants of high impact.

Removal of colored pollutants is accomplished by traditional physical techniques (adsorption on
activated carbon, ion exchange on resins, coagulation, etc.) [4–7]. Nevertheless, the organic dye is simply
transferred from water to another phase, causing secondary pollution and requiring the regeneration
of the adsorbent. On the contrary, advanced oxidation processes (AOP) are emerging, because they are
able to disrupt the dye molecule through the action of generated OH radicals [8–14]. Among AOPs,
TiO2-based photocatalysis has been the subject of numerous investigations since illumination of TiO2,
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dispersed in water containing a dissolved dye, usually led to almost complete decoloration of the
solution [15–20]. Hydroxyl radical formation and their non-selective reaction with dyes have been
supposed as the main degradation pathway. Although various analytical techniques (HPLC, GC–MS,
LC–MS, 1H NMR, FT-IR) are available for the detection of the intermediates, the application of
photocatalytic procedures for remediation of textile wastewaters remains rather limited [19]. A main
drawback is that information available on reaction mechanisms involved in the degradation of dyes is
still scant, and mineralization of intermediates is slower than the degradation of the parent compound.
Until now, total mineralization has been observed for the photocatalytic degradation of most of the azo
dyes only at long irradiation periods [21–24].

In this paper, we report that two alternative photocatalytic processes based on TiO2 can be
operative in aqueous solutions containing an azo dye. Methyl orange (MO) and acid orange 7 (AO7)
were chosen as representative azodyes. Specifically, the investigation of the fate of the photogenerated
charges and the direct detection of OH radicals highlight that sodium formate is the switch between
the two mechanisms. In fact, in its absence, we show several independent pieces of evidence that
the known photodegradation of the dye occurs. However, the crucial presence of formate selectively
transforms the azodye molecule into the corresponding anilines upon a reductive cleavage of its
N=N bond. Transient measurements, ESR spin trapping, photoluminescence, C/C0 vs. irradiation time
and ESI–MS data are in agreement with the role proposed for formate.

Although it has already been reported that illuminated TiO2 is able to reduce nitroaromatic
molecules to the corresponding anilines [25–30], as far as we know, the one presented here is the first
example concerning the possibility of reaching two simultaneous goals by photocatalysis, namely the
removal of a waste from water by converting it into useful building blocks.

In addition, we circumvented all the difficulties related to the use of slurries of TiO2, since we
deposited the semiconductor oxide onto a TCO-glass substrate [31,32], obtaining a photocatalyst that
is easy to handle and to recover, which shows excellent stability, allowing complete recyclability and
operation at ambient temperature and atmospheric pressure.

2. Experimental

2.1. Materials

Methyl orange (MO, Carlo Erba, Milan, Italy, >99.98%) and acid orange 7 (AO7, VWR, Milan,
Italy, ≥97%) were purchased and used without further purification.

All other reagents employed in the experiments were also commercial: HCOONa (Sigma, Milan,
Italy, 99.5%), spectrophotometric grade ethanol (Fluka, Milan, Italy, >99.8%), coumarin, (Sigma, >99%)
and the spin trap 5,5′-dimethylpyrroline N-oxide (DMPO (Sigma, ≥97%).

2.2. Preparation of TiO2 on Glass Substrate

Conductive fluorine tin oxide (FTO) substrates (Pilkington TEC 7) were cleaned via sonication in
2-propanol for 10 min and dried under a warm air stream. A compact titania blocking underlayer was
fabricated on top of the FTO by overnight hydrolysis of 0.4 M TiCl4 drop cast on top of the FTO slides
(10 × 1 cm2), followed by firing in air at 450 ◦C for 30 min. Porous TiO2 films were obtained on top
of the blocking underlayer by doctor blading a commercial terpineol based paste (Dyesol 18 NRT),
followed by sintering at 500 ◦C for 45 min in air. The geometrical TiO2 film area, composed by anatase
nanocrystals of the approximate size of 20 nm, was 1 cm2, and the film thickness was about 7 microns.

2.3. Structural Characterization

Atomic force microscopy (AFM) images were collected using a Digital Instruments Nanoscope
III scanning probe microscope (Veeco-Digital Instruments, Plainview, NY, USA). The instrument was
equipped with a silicon tip (RTESP-300 Bruker, Billerica, MA, USA) and operated in tapping mode.
Surface topographical analysis of AFM images was carried out with a NanoScope Analysis 1.5.
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Scanning electron microscopy of the films was obtained with a JEOL JSM-7001F FEG-SEM (JEOL Ltd.,
Tokyo, Japan) scanning electron microscope (SEM) apparatus. Measurements were performed at
10.0–20.0 k eV electron beam energy, and the working distance was maintained between 3 and 10 mm.
Surface morphology images were acquired in top-down and tilted modes, whereas cross-sectional
analysis was performed putting the films on a 90◦ stub. X-ray diffraction (XRD) measurements were
performed using a BRUKER D8 Advance X-ray diffractometer equipped with a Sol-X detector, working
at 40 kV and 40 mA. The X-ray diffraction patterns were collected in a step-scanning mode with steps
of ∆2θ = 0.02◦ and a counting time of 10 s/step using Cu Kα1 radiation (λ = 1.54056 Å) in the 2θ range
of 3–80◦ using an incident grazing angle set-up. The crystal size (L) was estimated from the full width
at half maximum (FWHM) of the intense (101) peak after correction from the instrumental broadening,
by using the Scherrer Equation as follows:

L =
B × λ

FWHM × cosθ
(1)

where B = 0.9, λ= 1.54056 Å and θ is the angle at which the peak maximum is observed.

2.4. Electrochemistry and Photoelectrochemistry

Open circuit chronopotentiometry to determine the quasi-Fermi level of TiO2 was performed in a
three electrode cell (FTO supported TiO2 film/Pt/SCE (SCE = Standard Calomel Electrode) as follows:
initially the TiO2 photoanode was positively polarized in the dark at 0.8 V vs. SCE for 300 s and
then allowed to reach a nearly steady potential in the dark. This equilibration process was slow
and occurred on the time scale of several hundred seconds. Usually after 400 s the dark potential is
acceptably stable, and AM 1.5 G light is shone on the TiO2 substrate, causing generation of charge
carriers (electron/hole couples), which may recombine or undergo separation and storage within the
semiconductor. Owing to their strongly positive quasi-Fermi potential, holes are at least partially
scavenged by the electrolyte before recombination occurs, allowing electrons to accumulate inside
TiO2 and causing a sudden negative drift of the photovoltage. Illumination of the photoelectrode is
maintained until a steady state value of the photopotential is attained, the reading of which provides
the electrochemical potential of TiO2 vs. SCE. Upon restoration of the dark conditions, a fast (for the
time scale of the experiment) decay of the photovoltage occurs owing to recombination. The same
cell setup was used to record TiO2 cyclic voltammetries (CV) in the dark in the absence and in the
presence of MO. The redox properties of the MO dye were investigated by cyclic voltammetry at a
glassy carbon electrode, and potentials were referred against SCE.

2.5. Quantum Chemical Computation

DFT (Density Functional Theory) and TDDFT (Time Dependent Density Functional Theory)
calculations were carried out with Gaussian 09A2 at the B3LYP 6–311 g,d level of theory [33]. The MO
structure was pre-optimized at the PM6 level in vacuo before running the geometry optimization
via DFT B3LYP 6-311 g,d in water solvent, described within the polarizable continuum model
(PCM) approximation [34]. TDDFT computation was carried out on the optimized MO geometry,
by considering the 10 lowest vertical singlet excitations in the presence of water (PCM).

2.6. Laser Spectroscopy

Transient absorption spectra were obtained under ns excitation of the third harmonic (355 nm) of a
Nd/Yag Q switched laser oscillator described elsewhere [35]. The laser beam was diverged with a plano
concave lens to achieve an energy density of 5 mJ/cm2 at the surface of a TiO2/FTO thin film, held at
45 degrees with respect to the laser beam. The thin film was in contact with an aqueous phase inside a
spectrophotometric cell having an internal volume of ca. 3 mL. The aqueous phase consisted either
of pure water or 0.1 M formate solution, in agreement with the explored photocatalytic conditions.
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The aqueous solutions could be purged with argon, if needed. The probe light was monochromatized
(Applied Photophysics, Leatherhead, UK)) and passed through the sample; then, it was focused into
the Acton triple grating monochromator (50 lines/mm) and fed to an R3896 photomultiplier biased at
450 V. A stack of two 380 nm cut off filters placed in front of the Acton monochromator prevented
laser stray light from reaching the photomultiplier. ∆A vs. time traces were collected with a Teledyne
LeCroy Waverunner 604Zi oscilloscope (Teledyne Technologies, Thousand Oaks, CA, USA) having an
input impedance of 1 MΩ, and transferred to a PC with custom built software, which also controlled
synchronization of the spectrometer elements. An acceptable S/N ratio was achieved by averaging
100 laser shots at each sampled wavelength.

2.7. ESR Spin Trapping

ESR spin trapping experiments were carried out with a Bruker ER200 MRD spectrometer equipped
with a TE201 resonator (microwave frequency of 9.4 GHz). The samples were deaerated aqueous
suspensions of TiO2 (Evonik) containing 5,5′-dimethylpyrroline N-oxide (DMPO, 5 × 10−2 M) as spin
trap and sodium formate (0.1 M) when requested. The deaerated suspensions were transferred into a
flat quartz cell inside a box under N2 atmosphere and directly irradiated (Hg medium pressure lamp
with a cut off filter, λ ≥ 360 nm) in the ESR cavity. No signals were obtained in the dark or during
irradiation of the solution in the absence of TiO2.

2.8. Photoluminescence Experiments

The fluorescence measurements (λexc = 332 nm and λemiss = 455 nm) were performed at room
temperature with a Jobin Yvon Spex Fluoromax II spectrofluorimeter equipped with a Hamamatsu
R3896 photomultiplier. Both emission and excitation slits were set at 5.0 nm during the measurements.
For this kind of experiment, the FTO/TiO2 slide was put inside a Pyrex tube containing a deaerated
aqueous solution (3 mL) of the dye (MO or AO7, C0 = 10 ppm), HCOONa (0.1 M, when requested)
and coumarin (1 × 10−4 M) and then irradiated (λ ≥ 360 nm, 4 h). After irradiation, the fluorescence
spectrum of 7-hydroxycoumarin, eventually formed, was recorded.

2.9. Prolonged Irradiations

Prolonged irradiations were carried out with a Helios Italquartz Q400 medium-pressure
Hg lamp, Milan, IT. A glass cut-off filter was used (λ ≥ 360 nm). The incident flux was
2.75 × 1016 photons s−1 cm−2, calculated from the measured radiant power density in mW cm−2 [36].
UV–vis spectra were recorded with a Jasco V-630 double beam spectrophotometer. In a
typical experiment, an FTO/TiO2 sheet was put inside a Pyrex tube of 15 mL capacity in front
of the unique optical face, and a volume (3 mL) of an aqueous solution containing the dye (MO or AO7,
C0 = 10 ppm) and, when requested, HCOONa (0.1 M) was added. The pH of this solution was 7.1.
The closed test tube was firstly filled with N2 by bubbling the gas for 20 min, and then the FTO/TiO2

sheet was back irradiated for the desired period with the external Hg lamp. At the end of irradiation,
the sample was transferred into a spectrophotometric cuvette, and the electronic spectrum was recorded.
From the decrease in the absorption maximum of the band characteristic of this dye, the concentration
of the remaining dye was evaluated, and a decay curve reporting C/C0 vs. irradiation time was built.
Each experiment was repeated three times in order to evaluate the error. Blank experiments were run
both in the dark, but in the presence of TiO2, and also illuminating the solution containing the dye
(as described above), but in the absence of TiO2.

For recycle experiments, the just employed FTO/TiO2 sheet was thoroughly washed with water
and dried in air at room temperature. Then it was used again in a subsequent experiment.

2.10. ESI–MS Investigation

Mass spectra were recorded using a LCQ Duo (ThermoQuest, San Jose, CA, USA), equipped with
an electrospray ionization source (ESI), monitoring the precursor-to-product ion transitions of m/z 100
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to 400 in negative ionization mode. A sample prepared as described in Section 2.6 was 4 h irradiated.
Then the solution was analyzed. Ethanol (10% v/v) was used in place of HCOONa in order to have a
nonionic hole scavenger.

3. Results and Discussion

3.1. Structural Properties

Figure 1A shows the cross sectional SEM imaging of a typical titania thin film used for the
present work. The film displayed a porous nanocrystalline nature with a quite homogeneous thickness
around 7 µm, composed of sintered particles having a size in the order of few tens of nanometers,
with frequent randomly distributed larger aggregates. SEM imaging, even at 50,000×magnification
(Figure 1B) did not allow each single anatase nanoparticle to be clearly resolved, which were better
shown by tapping mode AFM maps (1 µm × 1 µm scanning area), where we could appreciate single
particles having an approximate size of 20–30 nm together with larger aggregates resulting in lumps
of 50–100 nm diameter, homogeneously distributed within the film. The sintered particles left pores
and cavities which made the film permeable to the electrolyte. XRD analysis (Figure 1D) confirmed
the presence of the anatase polymorph (tetragonal cell with a = b = 3.78 Å, c = 9.51 Å and 90◦ angles)
with major reflections from (101), (004) and (200) planes. The estimation of the crystalline size (L) from
the Scherrer equation provided a value of 19.8 nm, in agreement with the smallest particles observed
from the scanning probe microscopies and with the nominal particle size (18 nm) contained in the
commercial 18 NRT paste, confirming that each particle was a coherent scattering domain composed
by single anatase crystal.
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Figure 1. (A) Cross sectional SEM view of a nanocrystalline TiO2 thin film deposited on FTO equipped
with a compact TiO2 blocking underlayer; (B) top view of the TiO2 surface at 50,000×magnification;
(C) AFM imaging of the mesoporous film surface. (D) XRD of the thin film showing the main diffraction
peak of anatase. The inset shows the 101 peak fitted with a Lorentzian function to extract the FWHM
for crystal size analysis.
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3.2. Energetics

The energetics relevant to the photocatalytic process were explored by combining electrochemical,
photoelectrochemical and quantum chemical calculations. The quasi-Fermi levels of TiO2 in the
presence of either 0.1 M Na2SO4 or HCOONa are shown in Figure 2, together with the redox
levels of MO associated to the HOMO and LUMO isodensity surfaces obtained from TDDFT
calculations at the 6311 G, d level in the presence of water (PCM). The quasi-Fermi potential of
TiO2 was obtained via open circuit chronopotentiometry under AM 1.5 G illumination (Figure S1),
whereas the redox levels of the dye were obtained by cyclic voltammetry at a glassy carbon electrode
(Figure S2). MO was characterized by irreversible oxidation and reduction processes, which appeared
as diffusion limited waves having comparable intensity and peaking at −0.80 and +0.72 V vs. SCE
in 0.1 M sodium formate supporting electrolyte. In sodium sulfate these processes maintained
the same general features observed in HCOONa, with a slightly increased electrochemical gap
(Epeak

RED = −0.9 vs. SCE; Epeak
OX = +0.74 V vs. SCE). While these processes were irreversible, meaning

that chemical changes followed the charge transfer reaction, we could assume that the primary event
involved the charge transfer to and from the electrode from and to HOMO and LUMO orbitals of the
organic dye. We observed that the HOMO was a π orbital with a significant contribution of the donor
dimethyl-amino group, whereas the lowest π* orbital with antibonding properties (LUMO) exhibited a
major contribution from the diazo (–N=N–) group. The reliability of the calculation was corroborated by
the fair match of the computed vertical transitions with the experimental spectrum in water (Figure S3).
The contribution of the diazo group to the LUMO suggests that electrochemical reduction of MO may
indeed result in the localized cleavage of this molecular unit. MO reduction became thermodynamically
feasible with illuminated TiO2 in the presence of sodium formate. Under such conditions, efficient hole
scavenging by HCOO– allowed electron build up within the semiconductor, resulting in a large
negative drift (absolute amplitude ca. 1.2 V) of its electrochemical potential (EF) up to −0.85 V
vs. SCE, matching well the reduction peak of MO in the same electrolyte (Figure S4). CVs reported in
Figure S5 indicated that under steady illumination, most of the trap states (oxygen vacancies) below
the conduction band edge, evidenced by a pre-wave starting at ca. −0.5 V vs. SCE and peaking at ca.
−0.7/−0.8 V vs. SCE (Figure S5), may have become occupied and acted as an electron reservoir for the
intended reduction process. By contrast, in sodium sulfate, hole scavenging by water remained in
competition with charge recombination. Hence the TiO2 quasi-Fermi level under AM 1.5 G illumination
only reached −0.45 V vs. SCE, barely at the onset of the reduction processes of Figure S6, leading to an
insufficient energy overlap between the TiO2 reducing states and the electron acceptor levels to drive
an efficient reductive photocatalysis.

The direct clear observation of the dark electrocatalytic reaction between the TiO2 electrode and
MO in solution was, however, quite elusive, owing to a combination of factors which include (i) the
large (super)capacitive response of the porous electrode; (ii) the low solubility of MO in water (10−3M);
and (iii) slow (for the time scale of cyclic voltammetry) electron transfer kinetics. Only at 10 mV/s did
the cyclic voltammetry of the TiO2 film in the presence of 10−3 M MO show a weak intermediate wave,
which could be assigned to MO reduction at the TiO2 surface (Figure S5).
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Figure 2. Energy levels (represented on the electrochemical scale vs. SCE) involved in the reductive
degradation of the methyl orange (MO) dye at TiO2 photoelectrodes. The exponential Density of
States (DOS) of the TiO2 is represented by the yellow-to-cyan curve starting at ca. −0.55 V vs. SCE,
consistent with the CV results reported in the Supporting Information. In the presence of formate,
the electrochemical potential of TiO2 matches well the first reduction peak potential of MO in the
same solvent.

3.3. Transient Spectra of TiO2 Thin Films

After having obtained an insight on the interfacial energetics involved in the photocatalytic
reduction of MO, we explored the recombination kinetics with optical transient spectroscopy.
Transient spectra of TiO2 thin films, collected in the 0.1 ms–s timeframe, were related to the simultaneous
presence of trapped charge carriers having opposite sign (electrons and holes). In the presence of
pure water, the spectra showed a stronger absorption in the blue visible region, which decreased
by moving to the red (Figure 3A). The overall spectral shape was maintained throughout the whole
timeframe, spanning two orders of magnitude, from 0.25 ms to 0.033 s, during which a general
decrease of the amplitude of the transient signals was observed, according to a multiexponential decay
(Figure S7). The half-life (t1/2) of the decays in both the blue and red parts of the visible region were
comparable, about 0.033 s (0.036 s at 420 nm, 0.032 s at 720 nm). According to Bahnemann et al. [37]
we assigned the blue absorption to trapped holes which could result in the formation of surface bound
OH radicals. Pulse radiolytic experiments have confirmed that the •OH radical absorption rises in
the UV region and extends in the visible up to 470 nm [38], while earlier experiments by laser flash
photolysis [39] pointed out the 420 nm absorption that we also observed as a shoulder in the spectrum
reported in Figure 3A.
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Figure 3. Transient spectra of TiO2 thin films in contact with aqueous solutions under aerated conditions.
Laser excitation wavelength 355 nm, 5 mJ/cm2/pulse. (A) Pure water: difference spectra were sampled
at delays from 0.25 ms to 0.33 s. (B) Aqueous solution of formate (0.1 M): difference spectra were
sampled at delays from 3.5 ms to 0.9 s.

The broad long wavelength features were instead assigned to absorption of trapped electrons,
the half-life of which nearly doubled in the absence of oxygen, which acted as an electron scavenger,
affording a t1/2 in the order of 0.07 s, as evidenced from the 720 nm kinetics reported in Figure S8.
Upon addition of 0.1 M sodium formate, the absorption of trapped holes was reduced by a factor
of ca. 90%, whereas the electron absorption was concomitantly increased and longer lived (Figure 3B).
The strong absorption band between 600 and 700 nm is consistent with reports by Bahnemann et al. [37]
in the presence of other holes scavengers like polyvinyl alcohol. It is interesting to observe different
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electron absorption features by moving to pure water to 0.1 M formate. In particular, the strong
absorption centered at 630 nm was dominating in the presence of formate, while it was much less
evident in pure water. Such a feature is consistent with previous research which assigns the optical
transitions of trapped electrons as originating from T2g→ Eg states of Ti(III), the coordination sphere
of which may reflect the presence of chelating formate anions in our case [40].

3.4. ESR Spin Trapping Experiments

Photoexcitation of deaerated suspensions of TiO2 powder in water containing the spin trap
DMPO caused the formation of a quartet, 1:2:2:1 (aN = aH = 14.5 G), ascribable to the paramagnetic
adduct [DMPO-OH]• in accordance with previous investigation [41,42] (Figure 4A). Hydroxyl radicals,
formed by the reaction between water on the TiO2 surface and positive holes, were then trapped
by DMPO, according to reactions (R1) and (R2):

H2O + h+ → H+ + OH• + e− (R1)

DMPO + OH• → [DMPO−OH]• (R2)
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Figure 4. ESR spin trapping spectra obtained upon photoexcitation of TiO2 powder suspended in
deaerated water solutions containing the spin trap DMPO (5 x10−2 M) (part (A)) and also sodium
formate (0.1 M, part (B)).

Interestingly, when the experiment was carried out in the presence of aqueous formate (0.1 M),
the signal of the paramagnetic adduct [DMPO-OH] was no longer observed and instead a new triplet
of doublets was obtained (Figure 4B). Its hyperfine splitting constants (aN (x-x’) = 15.4 G, aH (x-z) =

18.5 G) were consistent with the formation and trapping of a formate radical (CO2
–•), as shown in

reaction (R3) [43,44]:
HCOO− + h+ → H+ + CO−•2 (R3)

3.5. Photoluminescence Experiments

The •OH radical formation was investigated also by using coumarin as a fluorescent probe. In fact,
the reaction between coumarin and •OH radicals produced 7-hydroxycoumarin (among the possible
hydroxylated products), which is a strongly luminescent compound, according to reaction (R4):
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This method has been successfully applied for the detection of hydroxyl radicals generated by
photoexcited TiO2 [45,46]. Therefore, the FTO/TiO2 sheet immersed in a deaerated aqueous solution
containing MO (10 ppm) and coumarin (1 × 10−4 M) was irradiated (λ > 360 nm, 4 h) both in the absence
and in the presence of formate (0.1 M), and the emission spectrum of the irradiated solution was
recorded. It was observed (Figure 5) that an important emission from 7-hydroxycoumarin was obtained
in the absence of HCOONa (curve A), indicating the occurrence of reaction (R4). Conversely, in the
presence of formate, fluorescence was obtained (curve B), evidencing that OH radical formation
was negligible, in accordance with ESR spin trapping results. Curve B was in fact similar to the
spectrum of the starting solution before irradiation, which contained unreacted coumarin (curve C).
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Figure 5. Emission spectrum of 7-hydroxycoumarin obtained upon illumination (λ > 360 nm)
of FTO/TiO2 sheet immersed in deaerated aqueous solutions containing coumarin (1 × 10−4M),
(A); (B) is the spectrum obtained in the same conditions as A, except that 0.1 M HCOONa was present
(curve B). (C) refers to the emission of the sample before illumination.

All the previous results lead to common conclusions that are summarized in the following:
transient spectra confirm that charge separation is extremely long lived in nanostructured TiO2

thin films, making them suitable to drive both oxidation and reduction reactions by exploiting the
respective trapped charge carriers. Formate anions are very efficient in intercepting holes, inhibiting OH
radical formation and allowing both the concentration and lifetime of trapped electrons to increase in
order to use them for multi-electron reductive photocatalysis. On the basis of these considerations,
we have experimental evidence that photoexcitation of TiO2 immersed in water can lead to selective
reduction processes if formate is used as a hole scavenger. Moreover, protons formed as described in
reaction (R3) and electrons promoted in the conduction band could perform hydrogenation reactions.
In the following, we explore this possibility considering reductive cleavage of N=N bonds in MO and
in AO7, chosen as representative azo dyes.
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3.6. Prolonged Irradiation Experiments

An FTO/TiO2 slide, having a TiO2 coated area of 1 cm2, immersed in a deaerated aqueous solution
containing MO (C0 = 10 ppm) and HCOONa (0.1 M), was irradiated from the FTO side (λ ≥ 360 nm).
This illumination geometry is referred to as back illumination mode. During irradiation, a loss of the
solution color that corresponded to a decrease of the absorption band of MO (maximum at 464 nm),
having a charge transfer (CT) character, was observed. Figure 6 reports a C/C0 ratio of MO as a function
of irradiation time. It was observed that after 240 min irradiation, about 80% of the starting dye had
disappeared from the solution (full squares). Control experiments pointed out that this result was
exclusively ascribable to photocatalytic activity of TiO2, since irradiation of the dye solution in the
absence of semiconductor led to no spectral variations (i.e., no photolysis, Figure 6 full triangles).
Moreover, no spectral variation was observed when the nanocrystalline TiO2 thin film was put in
contact with the dye solution and kept in the dark.Nanomaterials 2020, 10, x FOR PEER REVIEW 12 of 18 
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Figure 6. C/C0 ratio vs. time profiles obtained upon irradiation (λ ≥ 360 nm) of an FTO/TiO2 slide
(active TiO2 geometrical area =1 cm2) immersed in deaerated aqueous solutions containing HCOONa
(0.1 M) and MO (full squares) or AO7 (full circles). C0 = 10 ppm. Full triangles: the same solutions
irradiated in the absence of FTO/TiO2.

An analogous behavior was observed when AO7 was used instead of MO. C/C0 vs. time reported
in Figure 6 (full circles) showed that around 90% of this dye disappeared from the solution after only
30 min irradiation.

Curves similar to those of Figure 6 were also obtained in the absence of formate
(not shown here), where formed OH radicals were responsible for the oxidative degradation of
the dye. Thus, monitoring the disappearance rate of the target dye is not the most appropriate way to
establish the nature of the photocatalytic reaction. It should be taken into account that fading of the
dye solution is only an indication of the interruption of conjugation.

With the aim of ascertaining that the observed decrease of dye concentration is due to the reductive
cleavage of the azo bond with formation of the two amine derivatives, we recorded the negative ion
mode ESI–MS spectrum of the irradiated solution (Figure 7). Besides the m/z peak at 304 relative
to the residual MO in its anionic form, the dominant base peak at m/z 172 corresponded to the
anionic form of sulfanilic acid [47]. A similar result was obtained in the case of AO7 (Figure S9).
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Conversely, no evidence of the m/z 172 peak was obtained in the ESI–MS spectrum recorded after
photocatalytic processing of the dye in the absence of formate (Figure S10). Detection of a peak
with m/z 227 was in agreement with the formation of a byproduct whose molecular weight was
consistent with hydroxyl group substitution on a phenyl ring [18]. In addition, many examples in the
literature report that oxidation of aromatic organic molecules (such as drugs, pesticides) proceeds
by the addition of hydroxyl radicals before ring breaking [15,21,48,49]. Thus, the pattern reported in
Figure S4 is characteristic of a degradative process promoted by OH radicals.Nanomaterials 2020, 10, x FOR PEER REVIEW 13 of 18 
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Figure 7. ESI–MS spectrum of the deaerated solution containing MO (10 ppm) and ethanol (10% v/v)
after irradiation in the presence of FTO supported TiO2 (1 cm2). Ethanol is used here in place of formate
as a non-ionic hole scavenger.

These results give evidence that when OH production is suppressed, the two azodyes MO and
AO7 undergo a hydrogenation reaction on the diazo N=N bond (via protons and electrons addition).
The subsequent cleavage of this bond leads to the formation of the two corresponding amine fragments,
N, N-dimethyl 1, 4-phenylendiamine (from MO), 1-amino, 2-napthol (from AO7) and sulfanilic acid
(from both MO and AO7), as summarized in Scheme 1.
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Scheme 1. Representation of N=N reductive cleavage of MO and of AO7 with formation of amine
intermediates and of sulfanilic acid.

The photocatalytic cleavage of the diazo bond, here observed, most likely occurred at the surface
of the anatase mesoporous film, with the involvement of protons provided by the oxidation of either
formate or ethanol, as a result of photo-hole scavenging and of electrons stored in long living trap
states inside the TiO2 nanoparticles, and clear evidence of electron accumulation within the TiO2 thin
films was provided by both photoelectrochemical and spectroscopic means. Electron accumulation
inside TiO2 was also evident to the naked eye when using TiO2 P25 (10 mg) nanoparticles suspended in
a deaerated aqueous solution containing HCOONa (0.1 M) and irradiated with UV light (λ ≥ 360 nm).
While photogenerated holes were efficiently scavenged by formate, electrons, in the absence of
any acceptor, accumulated, causing the formation of Ti(III) centers, responsible for the grey–blue
color of the overall suspension [50]. After this was achieved, MO was added to the blue suspension
through a septum. In the following minutes, the blue color bleached and a simultaneous decrease of
the absorption in the 400–500 nm region was observed in the UV–visible spectrum of the solution after
centrifugation (data not shown). This result confirms the ability of MO to scavenge electrons.

The alternative proton source could be water oxidation by photogenerated TiO2 holes
(reaction (R5)):

H2O + h+ → H+ + OH• + e− (R5)

However, since hydroxyl radical formation was completely inhibited in the presence of formate
(see Sections 3.3 and 3.4), we can conclude that it is formate or another organic hole scavenger,
like ethanol, that provides the required protons that participate in the reductive process
schematized below.

This new synthetic route occurring in water by photoexcited TiO2 is of particular significance;
in fact, aqueous TiO2 photocatalysis that is usually considered an AOP useful in depollution converts
here an azo dye into useful reduced intermediates, one of which, sulfanilic acid, could be directly
recycled in the synthetic process of new azo dye. Moreover, HCOONa oxidation leaves no residue
(it is converted to CO2) in the reaction environment, and the whole photocatalytic process is carried
out at pH around 7 with no adjustments.

3.7. Recycle

Recyclability of the photocatalyst was evaluated using the same FTO/TiO2 slide in several
consecutive photocatalytic experiments. Typically, the FTO/TiO2 immersed in a deaerated aqueous
solution containing MO (10 ppm) and HCOONa (0.1 M) is back irradiated (λ ≥ 360 nm) for a period
of 4 h. At the end of the illumination period, MO disappearance (that we established to be due to
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reductive cleavage of N=N bond) is spectrophotometrically evaluated. The slide is then washed
with distilled water and reused in a subsequent experiment. Figure 8 reports the amount of dye (%)
disappeared in five consecutive runs. It can be noted that, within the experimental error, no decrease in
photocatalytic performance was observed. This result indicates that the studied photocatalytic system
is perfectly stable and completely re-usable.

Nanomaterials 2020, 10, x FOR PEER REVIEW 15 of 18 

 

 

Figure 8. MO disappearance (%) obtained by irradiating (4 h, λ > 360 nm) the same FTO supported 
TiO2 thin film during five consecutive photocatalytic runs. 

Moreover, three different FTO/TiO2 slides (all prepared with the procedure described in 2.2) 
were used for the same photocatalytic experiment and gave very similar results, demonstrating that 
also the preparation procedure provides reproducible photocatalysts. 

4. Conclusions 

This study demonstrates that the fate of azo dyes dissolved in aqueous solution in the presence 
of illuminated TiO2 can be determined by the experimental conditions. In fact, the usual 
photocatalytic degradation of the dye by OH radicals can be inhibited by the presence of sodium 
formate or of other hole scavengers that are able to release protons upon oxidation. 

Laser flash photolysis experiments show that charge separation is extremely long lived in 
nanostructured TiO2 thin films, making them suitable to drive both oxidation and reduction 
reactions. When a suitable hole scavenger, like formate, is present, holes are consumed in the sub-ms 
time scale, consistent with ESR spin trapping and photoluminescence experiments, demonstrating 
the formation of OH radicals. ESI–MS analysis of irradiated samples shows that multi-electron 
reduction of the azo dye on photoexcited TiO2 is operative. In particular, a reductive cleavage of N=N 
bond of the dye takes place, with formation of aromatic anilines and of sulfanilic acid, which in turn 
can be recovered and reused for the synthesis of new dyestuffs. Formate is also the source of required 
protons and its oxidation leaves no residue in the solution. 

This result is of interest because wastewaters, colored by the presence of dyes, can be the starting 
material for the conversion of pollutants into useful products by photoexcited TiO2 at ambient 
temperature and atmospheric pressure. In addition, immobilization of TiO2 on FTO glasses gives a 
heterogeneous system that is very stable, easy to separate from the solution medium, completely 
recyclable for countless times and with high reproducibility in the preparation. For this, the findings 
presented here may provide a new highly efficient and low cost method for azo dye wastewater 
treatment, opening to a proper circular approach. 

Supplementary Materials: The following are available online at www.mdpi.com/xxx/s1, Figure S1: Open circuit 
chronopotentiometry, Figure S2: Cyclic voltammetry of MO at a glassy carbon electrode, Figure S3: Experimental 

0

25

50

75

1 2 3 4 5

M
O

 D
isa

pp
ea

ra
nc

e 
(%

) 

Cycle number
Figure 8. MO disappearance (%) obtained by irradiating (4 h, λ ≥ 360 nm) the same FTO supported
TiO2 thin film during five consecutive photocatalytic runs.

Moreover, three different FTO/TiO2 slides (all prepared with the procedure described in 2.2)
were used for the same photocatalytic experiment and gave very similar results, demonstrating that
also the preparation procedure provides reproducible photocatalysts.

4. Conclusions

This study demonstrates that the fate of azo dyes dissolved in aqueous solution in the presence of
illuminated TiO2 can be determined by the experimental conditions. In fact, the usual photocatalytic
degradation of the dye by OH radicals can be inhibited by the presence of sodium formate or of other
hole scavengers that are able to release protons upon oxidation.

Laser flash photolysis experiments show that charge separation is extremely long lived in
nanostructured TiO2 thin films, making them suitable to drive both oxidation and reduction reactions.
When a suitable hole scavenger, like formate, is present, holes are consumed in the sub-ms time scale,
consistent with ESR spin trapping and photoluminescence experiments, demonstrating the formation
of OH radicals. ESI–MS analysis of irradiated samples shows that multi-electron reduction of the azo
dye on photoexcited TiO2 is operative. In particular, a reductive cleavage of N=N bond of the dye
takes place, with formation of aromatic anilines and of sulfanilic acid, which in turn can be recovered
and reused for the synthesis of new dyestuffs. Formate is also the source of required protons and its
oxidation leaves no residue in the solution.

This result is of interest because wastewaters, colored by the presence of dyes, can be the
starting material for the conversion of pollutants into useful products by photoexcited TiO2 at
ambient temperature and atmospheric pressure. In addition, immobilization of TiO2 on FTO
glasses gives a heterogeneous system that is very stable, easy to separate from the solution medium,
completely recyclable for countless times and with high reproducibility in the preparation. For this,
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the findings presented here may provide a new highly efficient and low cost method for azo dye
wastewater treatment, opening to a proper circular approach.

Supplementary Materials: The following are available online at http://www.mdpi.com/2079-4991/10/11/2147/s1,
Figure S1: Open circuit chronopotentiometry, Figure S2: Cyclic voltammetry of MO at a glassy carbon electrode,
Figure S3: Experimental vs computed MO spectrum, Figure S4: Cyclic voltammetry of TiO2 in HCOONa, Figure S5:
Cyclic voltammetry of TiO2 in Na2SO4, Figure S6: Cyclic voltammetry of MO at a TiO2 electrode, Figure S7:
430 nm kinetics in pure water, Figure S8: 720 nm decay kinetics, Figure S9: ESI-MS spectrum in AO7 (10 ppm) and
ethanol (10% v/v), Figure S10: ESI-MS spectrum in MO.
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Abstract: Plasmonic nanoparticles have recently emerged as a promising platform for photocatalysis
thanks to their ability to efficiently harvest and convert light into highly energetic charge carriers
and heat. The catalytic properties of metallic nanoparticles, however, are typically measured in
ensemble experiments. These measurements, while providing statistically significant information,
often mask the intrinsic heterogeneity of the catalyst particles and their individual dynamic behavior.
For this reason, single particle approaches are now emerging as a powerful tool to unveil the
structure-function relationship of plasmonic nanocatalysts. In this Perspective, we highlight two
such techniques based on far-field optical microscopy: surface-enhanced Raman spectroscopy and
super-resolution fluorescence microscopy. We first discuss their working principles and then show
how they are applied to the in-situ study of catalysis and photocatalysis on single plasmonic
nanoparticles. To conclude, we provide our vision on how these techniques can be further applied to
tackle current open questions in the field of plasmonic chemistry.

Keywords: plasmonics; heterogeneous catalysis; photocatalysis; nanoparticles; single molecule
localization; super-resolution microscopy; surface-enhanced Raman spectroscopy

1. Introduction

Localized surface plasmon resonances (LSPRs) arise from the coherent oscillation of free electrons
upon illumination of metal nanoparticles. These resonances give rise to very large absorption and
scattering cross sections, making plasmonic nanoparticles suitable for light harvesting applications
such as photocatalysis [1–6], solar fuels generation [7–9], and integration in photonic devices [10–12].
For example, LSPRs have been used to increase the selectivity of propylene epoxidation [13],
carbon dioxide reduction [14–16], and to increase the rate of H2 dissociation [17] and ammonia
decomposition [18]. Despite these demonstrations of enhanced catalytic selectivity and activity,
a detailed understanding of the underlying mechanism is still lacking [18–28].

Unraveling the working mechanism of plasmonic catalysts can drive their rational design
for specific applications. These studies are often performed at the ensemble level, resulting in
measurements that are averaged over many particles and many active sites. The catalytic properties
of metal nanoparticles, however, are intrinsically heterogeneous because of multiple factors: (i) even
monodisperse nanoparticle ensembles present different reaction pathways for the same catalytic
conversion [29], (ii) catalytic activity depends on the available surface facets [30] and the presence
of defects [31,32], both of which can vary from particle to particle, and (iii) the structure of a
catalyst changes during operation, resulting in spatiotemporal variations in catalytic activity [33–35].
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Furthermore, in ensemble experiments it is typically difficult to characterize the weak signature of
reaction intermediates that are crucial to unveil the reaction pathway [36].

To address these challenges, several techniques have emerged, allowing the study of the spatial
and temporal heterogeneity of individual plasmonic nanoparticles and their photocatalytic reaction
products under in-situ conditions [37]. Dark-field optical microscopy [38] and transmission electron
microscopy (TEM) [33,35] have been used to follow the evolution of the optical and structural properties
of active plasmonic photocatalysts with nanoscale spatial resolution. Mass spectrometry [39,40],
infrared microscopy [37,39], and X-ray spectroscopy [41], on the other hand, while blind to
the properties of the catalytic particles, allow the detection of the reaction products during the
photocatalytic process. Furthermore, near-field techniques, such as infrared scanning near-field
optical microscopy [42,43], tip-enhanced Raman spectroscopy [44,45], and scanning electrochemical
microscopy [46,47] allow the interrogation of individual catalytic nanoparticles and obtain information
on both their structure and catalytic performance. These techniques, however, typically have
limited temporal (dark-field optical microscopy) or spatial (mass spectrometry) resolution and
sensitivity, or require the use of expensive specialized equipment (TEM, infrared microscopy, near-field
microscopy, and X-ray spectroscopy).

In this perspective, we highlight two experimental techniques that can be implemented in
plasmonics research labs using conventional far-field optical microscopes and that are capable of
detecting reaction products and intermediates both in real time and with nanometer spatial resolution:
surface-enhanced Raman spectroscopy (SERS) and super-resolution fluorescence microscopy. SERS
gives information on which intermediates and reaction products are present on the nanoparticle
surface, but lacks sub-particle spatial resolution. Conversely, super-resolution fluorescence microscopy
is able to characterize chemical reactions with nanometer resolution, but does not give any chemical
information. We first describe the optical properties of metallic nanoparticles and the mechanisms by
which they can enhance the rate of a chemical reaction. We then discuss the working principles of
the two techniques and highlight selected articles that describe key observations made using these
techniques in the context of plasmonic chemistry. Finally, we propose how these techniques can be
further applied to study current open questions in plasmon-driven catalysis. For comprehensive
reviews on SERS and super-resolution fluorescence microscopy in the context of catalysis, we refer to
already existing literature [48–53].

2. Optical Properties of Metallic Nanoparticles

Let us consider the simple case of a metallic nanoparticle immersed in a harmonically oscillating
electric field. The easiest case that can be solved analytically is that of a spherical nanoparticle with a
radius much smaller than the oscillation wavelength. In this quasi-static approximation, the phase
of the electric field is constant over the entire volume of the nanoparticle, and the problem can be
simplified into that of a particle in an electrostatic field. This approximation allows us to rewrite
Maxwell’s equations into the Laplace equation, which, in the geometry considered here, allows us to
define the polarizability α of the sphere as [54]:

α = 4πR3 ε− εm

ε + 2εm
, (1)

where R is radius of the sphere, ε is the wavelength-dependent complex permittivity of the sphere,
and εm is the permittivity of the surrounding medium. The scattering (σsca) and absorption (σabs) cross
sections can be calculated from the polarizability using [54]:

σsca =
k4

6π
|α|2, (2)

σabs = k Im[α], (3)
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where k = 2π/λ is the wavevector. From the above equations it is clear that the particle polarizability,
and therefore its scattering and absorption cross sections, diverge when ε = −2εm. For typical
plasmonic metals such as gold and silver in vacuum (εm = 1) or water (εm = 1.777) this condition is
satisfied in the visible part of the electromagnetic spectrum (Figure 1a). The magnitude of α remains
finite due to the non-vanishing imaginary part of the permittivity ε, which accounts for losses in the
metal (Figure 1b).

Figure 1. Optical properties of metallic nanoparticles. (a) Real and (b) imaginary part of the
wavelength-dependent permittivities of gold (Au) and silver (Ag). The dotted line in panel (a) denotes
the resonance condition ε = −2εm when the surrounding medium is water. The permittivities are
taken from the literature [55,56]. (c) Extinction cross sections of spherical nanoparticles of gold and
silver with radii R = 25 nm. The cross sections are calculated using Mie theory and are normalized to
the geometrical cross section πR2, which is denoted by the dashed horizontal line. (d) Normalized
extinction cross section of a gold sphere of R = 25 nm, that is elongated in steps of 10 nm to a gold rod
with a total length of 100 nm. The cross sections are calculated using a finite-difference time-domain
method. (e) Localized surface plasmon resonances (LSPRs) can decay radiatively (scattering) into
photons or non-radiatively (absorption) into non-equilibrium charge carriers. These carriers relax via
electron-electron scattering, followed by electron-phonon scattering, which heats up the nanoparticle
and eventually also the surrounding medium. Panel (e) reproduced with permission of [2]. Copyright
Nature Publishing Group, 2015.

For larger spheres the electric field phase variation inside the nanoparticle needs to be taken
into account. If we consider a plane wave impinging on a spherical particle of arbitrary size in a
homogeneous medium, this problem can still be treated analytically thanks to its spherical symmetry,
resulting in the so-called Mie theory [54,57]. The analytical solution to Mie theory yields the electric
fields inside and outside the particle, as well as its scattering and absorption cross sections. As shown
in Figure 1c, the resulting extinction cross section (σext = σsca + σabs) can be many times larger than
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the geometrical one, demonstrating the ability of plasmonic nanoparticles to focus far-field radiation
into sub-wavelength volumes.

In realistic experimental conditions, however, photocatalytic nanoparticles are typically not
perfectly spherical and are not embedded in a homogeneous medium, for example when a support is
used. In fact, it has been shown that highly anisotropic particles with sharp tips, such as nanostars and
octopods, show enhanced catalytic activity when compared to spheres [58–60]. To calculate the electric
fields and the scattering and absorption cross sections for arbitrary geometries, Maxwell’s equations
need to be solved numerically, for example using a finite-difference time-domain method or a finite
elements method.

The resonance condition ε = −2εm shows that the spectral position of the LSPR can in principle
be tuned by changing the permittivity of the surrounding medium (Figure 1a) or the composition of
the particle (Figure 1c). In reality, however, these parameters cannot be set arbitrarily, as photocatalytic
experiments are usually performed either in reactive gas environments or in aqueous solutions and
the composition of the particle cannot be changed at will.

Nevertheless, for SERS the LSPR wavelength needs to be matched to the laser wavelength that is used
to probe the molecular vibrations and for super-resolution fluorescence microscopy the LSPR wavelength
needs to be spectrally separated from the emission of the reaction products to avoid mislocalization
effects [61,62]. This necessary spectral tunability of the LSPR is typically achieved by synthesizing
anisotropic particles such as rods, prisms, or cubes [63,64]. For example, for plasmonic nanorods an
increasing aspect ratio results in a longer LSPR wavelength of their dominant resonance (Figure 1d).

The radiative decay of an LSPR (scattering) gives rise to intense electromagnetic fields on the
nanoparticle surface, which are typically known as near-fields. The magnitude of these scattered
fields can be amplified to values several orders of magnitude higher than the incoming electric field,
depending on the nanoparticle morphology and composition. This phenomenon is responsible,
for example, for the amplified Raman signal on plasmonic nanostructures, as will be discussed further
in Section 3. The non-radiative decay of an LSPR (absorption) results in the formation of highly
energetic non-equilibrium charge carriers which can drive redox reactions [2]. These hot electrons and
holes are typically extremely short-lived, due to the high charge carrier density of metals [65,66]. When
these carriers are not harvested, they dissipate their energy via electron-electron and electron-phonon
scattering events [67], thereby heating up the particle and, eventually, its surrounding environment
(Figure 1e) [2]. The latter photothermal process can also accelerate temperature-dependent chemical
reactions according to the Arrhenius equation [68].

3. Surface-Enhanced Raman Spectroscopy

The radiative decay of plasmon resonances can result in a strong amplification of the
electromagnetic fields at the surface of metal nanoparticles. Nanostructures possessing sharp corners
and tips with low radii of curvature, or metal structures separated by nanoscale gaps such as dimers,
can be utilized to amplify the magnitude of these plasmonic near-fields. For example, at resonant
illumination, 75 nm Ag nanocube dimers separated by a 1 nm gap can sustain hot spots with electric
field intensities up to 6 orders of magnitude higher than the incident radiation (Figure 2a) [69].
These electromagnetic hotspots can be exploited for a wide variety of applications ranging from
driving photo-sensitive reactions [20,70–72], to enhancing efficiencies in photovoltaic devices [73],
amplifying photoluminescence in semiconductors [74], and characterizing catalytic reactions occurring
on the nanoparticle surfaces [53,75,76].

In particular, the Raman vibrational signals of molecules adsorbed on the nanoparticle can be
strongly enhanced by the plasmonic near-fields, as these Raman signals are approximately proportional
to the 4th power of the local electromagnetic field [77]. Such strong field dependence has its origin
in the relatively broadband features of typical plasmon resonances (Figure 1c). The dipole-dipole
interaction of the adsorbed molecule with the plasmonic near-fields, in fact, can enhance both
light absorption at the Raman pump frequency as well as light emission at the slightly-shifted
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Stokes and Anti-Stokes scattering frequencies [77,78]. Previously, near-field enhancements have
been used to amplify the Raman signals of molecules up to 1010 times with respect to the signal in the
absence of a plasmonic nanostructure [79]. This technique, referred to as surface-enhanced Raman
spectroscopy (SERS), can provide improved spatial, temporal, and spectral resolution compared to
normal Raman characterization of molecules [53,80–83]. Since the plasmonic near-fields are confined
to a few nanometers from the nanoparticle surface, SERS selectively provides information of molecules
adsorbed to the nanoparticle, hence minimizing background noise and pushing detection limits down
to single molecules [84–88]. The large SERS signal enhancement has also enabled measurements with
lower acquisition times, of the order of a few milliseconds, while maintaining a high signal-to-noise
ratio, thereby allowing to monitor chemical and diffusion dynamics of surface adsorbates [84,89].

In the context of plasmon-driven catalysis, a single laser can be used to both drive catalytic
reactions as well as characterize their SERS signals, thereby eliminating the need of complicated
setups [90–92]. Below, we briefly describe the typical experimental setup of SERS measurements
followed by a few examples of how this technique has been used to gain mechanistic understanding of
plasmon-driven reactions.

Typically, single particle SERS measurements are performed by depositing dilute suspensions of
colloidal plasmonic nanoparticles on transparent substrates to allow the interrogation of individual
nanoparticles [46,53,93]. Alternatively, nanoparticles fabricated using a top-down approach such
as focussed ion beam milling, nano-imprint lithography, electron-beam lithography, or hole-mask
colloidal lithography can also be employed [45,94]. These nanoparticles are then illuminated with a
focused laser beam, typically through an objective lens [46]. The laser photon energy is chosen
to overlap with the LSPR, so as to obtain large near-field enhancements and thus high SERS
signal-to-noise ratios.

The SERS detection of molecules on single metal nanoparticles can be performed in both
transmission and reflection microscope configurations (Figure 2b). Since SERS sensitivity is the
highest at the surface of the nanoparticle, it is necessary to properly identify its spatial position before
irradiating it with a focused laser. As such, in both these geometries, first, a dark-field image of the
substrate is typically obtained by focusing a broadband light source at large incident angles using
an objective possessing a high numerical aperture (NA) [95]. The scattered light is then collected
with an objective with a lower numerical aperture. Such an illumination geometry results in a dark
background, where the plasmonic nanoparticles can be identified as small, diffraction-limited, bright
scattering spots (Figure 2c). Once the nanoparticle position on the substrate is determined, a focused
laser beam is used to excite the Raman vibrational modes of molecules adsorbed on its surface and the
scattered light is guided to a CCD camera coupled with a grating. Often, a notch filter is kept in the
scattering pathway, in order to exclude any laser damage to the spectrometer. The analyte of interest
can either be adsorbed before depositing the nanoparticles on the substrate or it can be introduced
in-situ using a flow cell configuration.

SERS measurements on single nanoparticles can provide valuable catalytic information such as
the identification of reaction intermediates and the reaction kinetics [51,53,92,96]. Initial studies in this
field focused on the model reduction of p-nitrobenzenethiol (NBT) to p-aminobenzenethiol (ABT) or
p,p’-dimercaptoazobenzene (DMAB) catalyzed by metal nanoparticles. The advantage of employing
such model reactions is that the reactants and products display strong Raman signals, which facilitate
easy characterization of the process kinetics [45]. The absence of many competitive side reactions and
the ability to operate at ambient conditions makes it a relatively easy system to study [97]. The strong
affinity of the thiol functional group to the metal surface also ensure that the measured SERS signal
originates exclusively from molecules adsorbed to the nanoparticles.
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Figure 2. Surface-enhanced Raman spectroscopy (SERS). (a) (top) Scanning electron micrograph of
silver nanocubes supported on alumina particles. The cubes arrange randomly, thereby generating
geometries that can provide high electric fields. (bottom) Finite-difference time-domain simulation
of the spatial distribution of the electric fields of 75 nm Ag nanocubes separated by 1 nm gap.
The calculation is performed at the resonance wavelength of 500 nm. (b) Schematic illustration of
SERS measurements over single nanoparticles in reflection and transmission mode. (c) (top) Grayscale
dark-field image of several single plasmonic nanoparticles deposited on a transparent substrate.
(bottom) Dark-field image of an individual nanoparticle obtained by closing the parallel slit located
at the entrance of the monochromator, corresponding to the image plane outside the microscope.
(d) (top) Schematic representation of the plasmon-driven reduction of p-nitrobenzenethiol (NBT) to
p,p’-dimercaptoazobenzene (DMAB). (bottom) Time-resolved SERS measurement of the NBT reduction.
(e) (top) Schematic representation of the plasmon-driven reduction of CO2. (bottom) Time-resolved
SERS measurement indicating the intermittent nature of the signals from the physisorbed CO2 reactant
and the catalytic product HCOOH. (f) Artistic representation of the nanoparticle on mirror geometry,
wherein NBT molecules are sandwiched between a Ag nanoparticle and a Au thin film. (g) Direct
and indirect reaction pathways for the reduction of NBT to ABT. (h) Time-resolved SERS intensities
of NBT and DMAB, along with the fit to a single exponential function (blue) and step function (red).
Panel (a) is reproduced with permission of [69]. Copyright Nature Publishing Group, 2012. Panel
(d) is reproduced with permission of [80]. Copyright Royal Society of Chemistry, 2013. Panel (e) is
reproduced with permission of [93]. Copryright American Chemical Society, 2018. Panels (f–h) are
reproduced with permission of [84]. Copyright American Chemical Society, 2016.
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The rate of these model reactions can be enhanced by plasmonic hot electrons. For example,
Kang et al. employed single Ag microparticles (∼2 µm diameter) with rough surfaces as SERS
substrates to analyze the plasmon-driven reductive dimerization of NBT to DMAB (Figure 2d) [80].
Nanoparticles with rough surfaces have electromagnetic field enhancements that are significantly
higher than their smooth counterparts and can therefore act as excellent Raman substrates.
The plasmonic substrates were functionalized with NBT and then deposited on a silicon wafer,
followed by laser illumination under atmospheric conditions. Time-resolved SERS spectra of the
reduction reaction revealed the disappearance of the ν(NO2,sym) peak of NBT (1335 cm−1) as the
reaction proceeded, along with an increase in the ν(N=N,sym) peak of DMAB (1440 cm−1). To elucidate
the influence of the illumination parameters on the reaction rate, SERS characterization was performed
at various illumination powers using 532 nm and 633 nm continuous wave lasers. Under 532 nm
illumination the reaction kinetics were significantly faster than under 633 nm illumination at constant
laser power. This difference in the reactivity was attributed to the change in the absorbed power in
the nanoparticle and the subsequent change in the number of hot charge carriers ejected. Strikingly,
aminobenzenthiol (ABT) which has been reported as a reduction product of NBT was not observed in
these experiments. To gain mechanistic insights in to the selectivity of the NBT reduction, the authors
performed additional experiments under controlled environments. They observed that in the presence
of H2O or H2, the DMAB products are further reduced into ABT [98]. Such experiments show how
SERS can be used to follow reaction kinetics of catalytic reactions occuring on a single nanoparticle
photocatalyst with controlled or predetermined geometry and surface sites.

Often, the exact plasmon-activation process behind photochemical reactions is challenging to
identify, as the different competing mechanisms occur at ultra short timescales [22,28]. Photothermal
effects have been used as an alternative explanation to many of the reported plasmon-driven chemical
reactions [27]. SERS measurements offer an opportunity to quantitatively assess these thermal effects
in both illuminated ensemble and single nanoparticle systems [99–101]. By comparing the Anti-Stokes
(IAS) and Stokes (IS) intensity modes of the adsorbate, the vibrational temperature can be quantified
using the relationship [101]:

IAS
IS

= A

[
τσ
′
s I

hνL
+ exp

−hνvib
kbT

]
(4)

where, A is a constant that takes into account the electric field enhancement at the nanoparticle surface
and the Raman cross-section of the molecule, τ is the lifetime of the vibrational excited state, σ

′
s is the

Raman cross-section at the Stokes signal, I is the laser intensity, ν is the frequency, kb is the Boltzmann
constant, and T is the temperature experienced by the molecule. The subscripts L and vib represent
laser and Raman vibrational mode respectively.

For example, Wu et al. ruled out the contribution of photothermal effects in the plasmon-driven
electron transfer to [6,6]-phenyl-C61-butyric acid methyl ester by extracting the temperature of their
Au nanoparticle suspension using Equation (4) [100]. In this study, the temperature increase at
various illumination intensities was found to be negligible, thereby confirming the electronic origin of
plasmonic effects [100]. Similarly, Pozzi et al. investigated the temperature experienced by Rhodamine
6G molecules adsorbed onto single Ag nanoparticle aggregates using SERS measurements [101].
In their report, they highlighted that accurate temperature measurements using Equation (4) should be
accompanied by careful estimation of the different electric field enhancements and molecular Raman
cross-sections at the Stokes and Anti-Stokes frequencies, both of which contribute to the value of the
constant A [101].

SERS measurements on single nanoparticles have also been used to provide mechanistic insights
into plasmon-driven CO2 reduction (Figure 2e) [93]. Kumari et al. chose Ag nanoparticles as SERS
substrates for this purpose, as they typically display larger near-field enhancements compared to
metals such as Au and Cu. In their experiments, a focused 514.5 nm laser was used to excite the SERS
spectra of adsorbed reactant and product molecules on 60 nm Ag nanosphere aggregates dispersed
on a glass substrate. Time-resolved SERS spectra displayed the generation of carbon monoxide,
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hydrogen, formic acid, formaldehyde, methanol, and carbonate molecules on the nanoparticle surface.
The blinking nature of the SERS signals in this study suggests that only a single molecule is present
over the nanoparticle surface at a time. Interestingly, the authors observed the generation of a
surface-adsorbed hydrocarboxyl radical HOCO* during CO2 reduction. Using density functional
theory calculations, this intermediate was found to be crucial in determining the selectivity of the
photoreduced products. Thanks to the extreme field confinement on plasmonic nanoparticles, single
particle studies can detect the stochastic adsorption and desorption of reactants and products along
with the formation of intermediate species at millisecond time resolutions. Such single molecule and
real-time detection capability is unachievable using ensemble studies due to signal averaging. Single
particle measurements focused on identifying the reaction intermediates will play a pivotal role in
elucidating structure-activity relationships of future nanostructured photocatalysts.

Recently, SERS measurements have also been employed to obtain mechanistic insights into
plasmon-driven ethylene epoxidation on Ag nanospheres [36]. The time evolution of the Raman
signals indicated a correlation between the formation of a graphene layer on the nanoparticle surface
and the formation of ethylene oxidation species. Further experiments using a graphene coated Ag
nanoparticle, along with DFT calculations, confirmed that the in-situ formed graphene, rather than the
Ag nanoparticle, is the catalyst for ethylene epoxidation. Such mechanistic insight could not have been
obtained with ensemble measurements, in which it would have been impossible to distinguish the
narrow signature of a graphene nanocrystal among the broad Raman spectra of mixed carbonaceous
species typically obtained upon ensemble averaging. Understanding the role of graphene nanocrystals
in ethylene epoxidation could inform the development of industrial photocatalysts, as ethylene oxide
is an important feedstock in the synthesis of solvents, plastics, and other organic chemicals.

Choi et al. conclusively demonstrated single molecule plasmon-driven conversion of NBT to ABT,
by sandwiching the reactant molecules between a Au thin film and a Ag NP (Figure 2f) [84]. Such
geometries are commonly referred to as nanoparticle on mirror (NPoM) or as particle over surface.
The nanoscale gap between the nanospheres and the film generates a SERS enhancement factor of
108 that varies by less than an order of magnitude between individual particles. Such reproducibility
in the SERS geometries can be attributed to the fixed length of the spacer molecule, in this case NBT.
The large signal-to-noise ratio of the SERS spectra allowed the authors to perform measurements at
millisecond time scales, thereby accurately quantifying the reaction kinetics. In this study, the SERS
measurements displayed discrete jumps in the DMAB intermediate signal while the NBT reactant
signal continuously decayed. The discrete spectral jumps indicate the conversion of a single molecule,
which was further corroborated with a kinetic Monte Carlo model accounting for the spatial variations
in the near-field enhancements and the Raman cross sections of the molecules.

The authors also used the kinetic information to obtain mechanistic insights into the reduction of
NBT. Two main reaction mechanisms had been previously proposed for the conversion of NBT to ABT,
namely direct and indirect (Figure 2g). The direct mechanism generated ABT via the formation of
dihydroxyaminobenzenethiol (DHABT), nitrosobenzenethiol (NSBT), and hydroxylaminobenzenethiol
(HABT) intermediates, while the indirect path involved condensation of DHABT and HABT to form
DMAB and its subsequent reduction to ABT. By analysing the rate of NBT consumption and the rate
of DMAB formation, the authors pointed out that only less than 10% of NBT molecules undergo
reduction via the indirect path (Figure 2h). Such deep insights into the reaction mechanism reveals the
power of SERS measurements to identify spectro-temporal behavior in single molecule photocatalytic
experiments, without the addition of any label molecules.

4. Super-Resolution Fluorescence Microscopy

Optical fluorescence microscopy is a powerful imaging technique typically used for the structural
characterization of biological samples. However, due to diffraction its spatial resolution remains
limited to ∼λ/2NA [102], corresponding to ∼200 nm for visible wavelengths λ and objectives with
high numerical aperture (NA ≈ 1.4). This limitation in resolution can be overcome when imaging the
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fluorescence of a single molecule. Under the condition of a single fluorophore, in fact, the measured
emission pattern can be fit to a two-dimensional Gaussian, where the center of the Gaussian is
the position of the molecule [103]. The localization precision σloc of this position can be calculated
using [104]:

σ2
loc =

σ2
a

N

(
16
9

+
8πσ2

a b2

Na2

)
, (5)

σ2
a = σ2 + a2/12, (6)

where σ is the standard deviation of the Gaussian, a is the size of a camera pixel, N is the number of
detected photons, and b is the standard deviation in the background noise. Under the experimental
conditions discussed in this Perspective, σloc is typically between 10 and 30 nm, which is commensurate
with the typical size of plasmonic photocatalysts.

Although originally developed to image sub-diffraction limited features in biological
samples [105–107], the use of super-resolution microscopy has recently been extended to a variety
of research fields, from the optimization of nanophotonic devices [108–110], to the characterization
of nanomaterials [111]. Recently, single molecule localization has been extended to the mapping of
heterogeneous chemical reactions with nanoscale spatial resolution and single molecule turnover
accuracy. For example, super-resolution microscopy has been used to study so-called fluorogenic
reactions, catalytic conversions producing a fluorescent reaction product [112]. In a typical experiment,
catalysts are dropcasted on a glass substrate, which is built into a flowcell that allows a continuous
supply of reactants. The catalysts are dropcasted at a sufficiently low concentration, such that
individual particles can easily be resolved spatially. The sample is then illuminated with a laser
that excites the fluorescence of the reaction products. To minimize background signal, this illumination
is usually done in a total internal reflection fluorescence (TIRF) configuration [113], either using the
same high NA objective that is used to capture the fluorescence (Figure 3a), or using a prism (Figure 3b).

Illumination through the objective (Figure 3a) requires the NA to be higher than the critical
angle for TIRF, which implies NA > 1.333, assuming the surrounding medium is water. In practice,
an NA of ∼1.45 is typically used, as otherwise only a very small part of the peripheral area of the
lens can be used for TIRF illumination, making the alignment procedure challenging. Despite being
more costly, an objective with a higher NA also results in a superior collection efficiency thanks
to its high acceptance angle. Since the localization precision scales with 1/

√
N (see Equation (5)),

a higher collection efficiency improves the localization precision. Furthermore, illumination through
the objective allows for easy access to the sample from the top. Illumination through a prism (Figure 3b)
has a lower collection efficiency due to the typically lower NA objectives used and can suffer from light
scattering by impurities in the liquid. On the other hand, this illumination method is less costly, as it
does not require extremely high NA, and suffers less from fluorescence quenching, as the nanoparticle
catalyst is not in the detection pathway.

Both illumination methods are widefield, which allows many particles to be measured
simultaneously (Figure 3c). Since the typical integration time that is needed to acquire enough
photons to localize a single fluorophore is between 10 and 100 ms, only fluorescent molecules that are
adsorbed on the catalyst are detected. Fluorescent species that are free in solution, in fact, move too
fast due to Brownian motion and only contribute to the background signal. In fluorogenic reactions,
upon product formation a fluorescent burst is detected, until the product molecule desorbs from
the catalyst surface and diffuses away (Figure 3d). Each fluorescent burst (Figure 3e) is fitted to
a two-dimensional Gaussian (Figure 3f), which gives the in-plane position of each molecule with
nanometer accuracy.

145



Nanomaterials 2020, 10, 2377

Figure 3. Super-resolution catalysis mapping on individual metal nanoparticles. (a,b) A non-fluorescent
reactant converts to a fluorescent product, which can be imaged in an optical fluorescence microscope.
Total internal reflection fluorescence (TIRF) illumination is achieved through the objective (a) or through
a prism (b). (c) Widefield image with fluorescent events on multiple particles. (d) Time trace of the
fluorescence intensity measured on a single catalytic particle; τo f f is the product formation time and τon

is the product desorption time. (e,f) A single fluorescent burst (e), corresponding to a single reaction
product, can be fit to a two-dimensional Gaussian (f), which results in the position of the molecule
(red dot in panel f). (g) Two-dimensional histogram of resorufin molecules detected on a single gold
nanorod. The nanorod is divided in 6 segments and for each segment a specific turnover rate can be
calculated. (h,i) Super-resolved locations of resorufin molecules detected on a single CdS-Au nanorod.
Blue points correspond to hole-driven reactions and red points to electron-driven reaction. The nanorod
is excited below bandgap with a 532 nm laser (h) or above bandgap with a 405 nm laser (i). Panels (c,e,f)
are reproduced with permission of [110]. Copyright American Chemical Society, 2019. Panel (d) is
reproduced with permission of [29]. Copyright Nature Publishing Group, 2008. Panel (g) is reproduced
with permission of [31]. Copyright Nature Publishing Group, 2012. Panels (h,i) are reproduced with
permission of [114]. Copyright American Chemical Society, 2014.

In 2008, Xu et al. reported the real-time imaging of redox catalysis on ∼6 nm gold particles with
a time resolution up to 30 ms [29]. The reaction under study was the gold-catalyzed reduction of
the nonfluorescent molecule resazurin to the highly fluorescent molecule resorufin in the presence
of NH2OH as a reducing agent. Despite the fairly narrow size distribution of the gold particles
(6.0 ± 1.7 nm), the study revealed a large heterogeneity in turnover rate. Furthermore, the authors
showed that within a single batch of nanoparticles different reaction pathways exist for the desorption
of the resorufin molecules from the gold surface. While most particles preferred product desorption
assisted by a reactant binding step, some preferred a direct desorption of the product molecule
resorufin, and some others showed no preference between the two mechanisms. This diverse behavior

146



Nanomaterials 2020, 10, 2377

demonstrates the heterogeneity in catalytic properties of metal nanoparticles and highlights the
importance of single particle approaches to unveil their structure-function relationship. This study
was later extended to particles of varying sizes up to ∼14 nm, which showed that larger particles have
a lower turnover rate when normalized to the surface area, are less selective between the different
desorption mechanisms, and are less prone to restructuring [115].

In both of these studies the size of the catalyst was smaller than the spatial resolution typically
achievable with super-resolution microscopy, which hinders the imaging of spatial heterogeneities
within a single catalytic nanoparticle. For larger catalysts, however, their activity can be resolved
spatially. Figure 3g shows a two-dimensional histogram of the detected resorufin molecules
catalytically produced at the surface of a single Au nanorod [31]. By segmenting individual nanorods
and determining the specific turnover rate for each segment, it was found that the nanorod tips
generally have higher reactivity than their cores. This difference in reactivity can be attributed to
the presence of more corner and edge sites at the nanorod tips, which are typically more reactive.
Interestingly, when only analyzing the reactivity of the nanorod core, i.e., without the tips, the authors
found a specific turnover rate that decreased with increasing distance from the center, even though the
core is made up of the same facets. This reactivity gradient can be attributed to the growth mechanism
of the nanorod. During synthesis, the growth rate of the nanorod decreases linearly with increasing
length [116]. Since faster colloidal growth is typically accompanied by a higher density of superficial
defects, a gradient in defect density develops, resulting in higher reactivity at the nanorod center [31].
These sub-particle catalysis maps demonstrate that, besides the types of surface facets [30], defects
play a large role in the catalytic activity of metal nanoparticles [31,32].

Additionally, sub-particle spatial resolution allows the visualization of spatiotemporal variations
in catalytic activity due to surface restructuring. Measurements of the catalytic activity of triangular
Au nanoplates showed that the spatial distribution of catalytic events slowly varies over timescales of
several hours [34]. Although the reactivity between different corners of the same nanoplate was found
to initially be heterogeneous, over time all corners converged to a similar reactivity. This slow loss
of heterogeneity was attributed to the dynamic restructuring of the nanoplate corners from sharp to
blunt, as also confirmed with ex-situ TEM [34].

Lastly, spatiotemporally-resolved single molecule catalysis imaging has recently been used
to study the correlation between events on a single catalyst, and between events on different
catalysts [117]. The authors found that catalytic reactions on individual Pd or Au nanoparticles
were correlated over lengths scales of ∼100 nm, probably via the transport of positively charged holes
over the catalyst surface. The events between different nanoparticles was also found to be correlated
over many micrometers via the molecular diffusion of negatively charged reaction products. Both the
influence of defects and of dynamic restructuring on catalytic activity and the correlation between
different events would have remained hidden in ensemble or diffraction-limited measurements.

Although the fluorogenic catalytic reactions used in these seminal studies typically also happen
in the dark, their rates can be enhanced under laser excitation [114,118,119]. Measurements on CdS
semiconductor nanorods decorated with Au nanoparticle co-catalysts at their tips showed that plasmon
excitation (below bandgap) and semiconductor excitation (above bandgap) both enhance the rate
of Amplex Red oxidation to resorufin [114]. Photogenerated electrons promote desorption of the
negatively charged resorufin molecule due electrostatic force. Therefore, electron-driven turnovers are
characterized by short fluorescent bursts. Conversely, photogenerated holes enhance adsorption of
resorufin and, therefore, increase the length of the fluorescent bursts. On the CdS-Au nanostructures
two distinct burst lengths were observed, which allowed the authors to distinguish between
electron-driven and hole-driven reactions. When the plasmon resonance of the Au nanoparticles
is excited (below bandgap) hot electrons and holes are generated within the Au. The photogenerated
electron is injected into the conduction band of the semiconductor due to the Schottky barrier that
is formed at the CdS-Au interface, and the photogenerated hole remains in the Au. This charge
separation is also observed in the super-resolution catalysis maps (Figure 3h), with the hole-driven
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reactions (long bursts) taking place on the edges of the rod where the Au nanoparticles are located,
and the electron-driven reactions (short bursts) taking place a few tens of nanometers inward on
the CdS nanorod. For above bandgap excitation, charge carriers are generated in the CdS nanorod.
The photogenerated electrons transfer to the Au nanoparticles, whereas the holes remain in the nanorod.
This charge separation is again reflected in the super-resolution catalysis maps (Figure 3h), with the
hole-driven reactions now taking place all over the nanorod and the electron-driven reactions on the
Au nanoparticles [114].

On dimers of Au nanorods with nanoscale gaps, the turnover rate of resazurin to resorufin
reduction was also found to be dependent on the incident laser power [118]. The turnover rate scaled
quadratically with laser power and, therefore, the enhancement can be attributed to the presence of two
photoexcited species on the nanoparticle surface. However, the incident laser photoexcites both the
reactant resazurin and the plasmon resonance of the catalysts, preventing a straightforward distinction
between near-field effects (photoexcitation of the reactants) and hot charge carrier effects [118].

Another approach of characterizing the influence of plasmon excitation on the catalytic reactivity
of nanoparticles is by measuring the change in the single particle activation barrier of the fluorogenic
reaction when the plasmon resonance is excited. According to the Arrhenius equation, both the product
formation and the product desorption rates, 〈τo f f 〉−1 and 〈τon〉−1, respectively, depend on temperature
via [120]

〈τo f f 〉−1 = Ao f f exp[−Ea,o f f /RT], (7)

〈τon〉−1 = Aon exp[−Ea,on/RT], (8)

where Ao f f and Aon are prefactors, Ea,o f f and Ea,on are the activation barriers for the product formation
and desorption processes, respectively, R is the gas constant, and T is the temperature. Therefore,
by measuring 〈τo f f 〉 and 〈τon〉 for varying reactor temperatures, the single particle activation barriers
for the product formation and desorption can be extracted [120,121]. For chemical reactions with an
intermediate species, also a distinction can be made between the activation barrier for intermediate
formation and for final product formation [119]. Single molecule experiments on the Au nanorod
catalyzed oxidation of Amplex Red to resorufin showed that upon plasmon excitation, the activation
barrier for intermediate formation decreased, while the activation barriers for product formation and
product desorption remained unaltered [119]. This lowering in activation barrier was attributed to the
presence of hot charge carriers. Thermal effects were ruled out based on calculations and thermocouple
measurements. Furthermore, no change in activation barrier was observed for the resazurin reduction
to resorufin, which would be expected if the plasmonic enhancement was purely thermal [119].

One obvious limitation of the super-resolution fluorescence microscopy studies presented so
far is that the reaction under study needs to generate a fluorescent molecule. Most biological and
chemical processes, however, do not involve fluorescent species. This limitation has recently been
overcome using a competition-based technique, in which a single nanoparticle can catalyze two
chemical conversions [122]. The first reaction is the reaction of interest and its reactants and products
do not fluoresce. The second auxiliary reaction is fluorogenic and can be imaged and localized with
nanometer spatial resolution. If both reactions compete for the same surface sites, the reaction of
interest suppresses the rate of the fluorogenic reaction. The extent of suppression can be imaged using
super-resolution microscopy, thereby giving spatial information on the reaction of interest.

5. Outlook

We began this Perspective by introducing the optical properties of metallic nanoparticles.
We discussed how the decay of plasmon resonances generates hot charge carriers, near-field
enhancements, and elevated nanoparticle surface temperatures, all of which can simultaneously
contribute to drive chemical reactions. We have then introduced two far-field optical microscopy
techniques, surface-enhanced Raman spectroscopy and super-resolution fluorescence microscopy,
and we have highlighted how they can disentangle the activation mechanism of plasmon-driven

148



Nanomaterials 2020, 10, 2377

chemical reactions thanks to their unique temporal and spatial resolutions. In this final outlook section,
we provide our perspective on how these techniques can be further used to tackle current open
questions in the field of plasmon-driven chemistry.

As we have seen, the resazurin-to-resorufin conversion is often used to benchmark plasmonic
photocatalysts at the single particle level. Super-resolution fluorescence microscopy measurements
suggest that hot charge carriers are the main driving force behind the increased turnover rate observed
under plasmon excitation. However, the reaction product resorufin and the plasmon resonance of the
metal nanoparticle are typically excited using the same 532 nm laser. At this wavelength the reactant
resazurin is weakly absorbing, which can lead to its photodriven disproportionation to resorufin.
This side reaction is enhanced by the strong plasmonic near-fields at the nanoparticle surface and can
therefore entirely by-pass any photocatalytic charge transfer process [123]. To decouple plasmon-driven
charge transfer effects from the photoexcitation of reactant molecules, it would be desirable to design
experiments involving spectrally detuned plasmonic catalysts and two lasers, one for the excitation of
the fluorescent molecules and one for the plasmon resonance of the catalyst [118,119].

Furthermore, to confidently eliminate the contribution of plasmonic heating in both SERS and
super-resolution measurements, control experiments should be performed where the nanoparticle
system is externally heated to the measured temperature [27]. Ideally, in-situ experimental
characterization of the temperature should be performed [101,124,125], for example by analyzing
the Anti-Stokes and Stokes signals of the SERS spectra. In the absence of experimental
measurements, theoretical calculations can give an estimate of the surface temperature of the irradiated
nanoparticle [125–128]. Although such experiments may seem obvious, they are often challenging
in practice, especially when studying single nanoparticles using an optical microscope. Under these
conditions, in fact, laser irradiation can easily heat the nanoparticle under study to hundreds of degrees
Celsius and these elevated temperatures are difficult to reach with conventional thermally-controlled
sample holders. The lack of simple thermometric techniques at the nanoscale, along with the challenges
in accurately calculating temperature increases under operando conditions, make it difficult to effectively
assess the temperature at the active site of a plasmonic photocatalyst [127,129].

To establish structure-activity relationships, it is crucial to characterize the morphology of the
nanocatalysts. This can be done using dark-field scattering spectroscopy or electron microscopy before,
during, and after the catalytic reaction, along with the SERS or super-resolution characterization [38].
Most SERS studies on catalytic reactions are performed on nanoparticle aggregates rather than
single particles. Extending SERS measurements to single particles could allow detecting catalytic
intermediates with higher signal-to-noise ratios, and establishing more accurate structure-activity
relationships. Another strategy to ensure that these measurements are performed on individual
structures with a controlled size is by utilizing nanoparticle substrates fabricated using a top-down
approach such as electron-beam lithography [45,130–132]. An additional advantage of using top-down
techniques to deposit plasmonic photocatalysts is that the surface of the nanoparticles is typically
free of contaminants or ligands, hence minimizing their potential contribution to the measured
catalytic activity.

Lastly, plasmonic enhancements are usually characterized by the single particle turnover rate,
given by the number of detected products per second. However, the nanoscale spatial distribution of
catalytic events, as unveiled by super-resolution fluorescence microscopy, can also provide valuable
information on the underlying activation mechanism [129,133]. Both the plasmonic near-fields and the
generation of non-equilibrium charge carriers, in fact, are strongly polarization dependent [67,134],
whereas the nanoparticle temperature is expected to be homogeneous due to the high thermal
conductivity of the metal [2,133,135].

Studying light-driven reactions on metal photocatalysts in real-time and with single particle
spatial resolution is a challenging task that promises to unveil previously inaccessible information on
the photocatalyst active sites, the photoactivation mechanism, the molecular intermediates, and the
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reaction pathways. Here we have presented recent successes and future promises of two far-field optical
techniques, that have recently allowed us a closer look on these fundamental nanoscale processes.
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The following abbreviations are used in this manuscript:

ABT Aminobenzethiol
DHABT Dihydroxyaminobenzenethiol
DMAB p,p’-dimercaptoazobenzene
EF Enhancement factor
HABT Hydroxylaminobenzenethiol
LSPR Localized surface plasmon resonance
NA Numerical aperature
NPoM Nanoparticle on mirror
NSBT Nitrosobenzenethiol
NBT p-nitrobenzenethiol
SERS Surface-enhanced Raman spectroscopy
TEM Transmission electron microscopy
TIRF Total internal reflection fluorescence
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