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Special Issue: Materials, Design and Process Development
for Additive Manufacturing

Vadim Sufiiarov

Institute of Mechanical Engineering, Materials, and Transport, Peter the Great St. Petersburg Polytechnic
University, Polytechnicheskaya 29, 195251 St. Petersburg, Russia; vadim.spbstu@yandex.ru

Additive manufacturing is a dynamically developed direction of modern digital
manufacturing processes, which in some cases is already being used to create high-tech
products, and in others there are active investigation on new materials and the design and
development of technological processes.

Many additive manufacturing processes are based on the use of highly concentrated
energy sources, such as laser, electron beam, microplasma, etc., and imply direct man-
ufacture of parts. The most popular processes use powder materials as raw materials,
although wire technologies are also gaining popularity at the moment. Local exposure of
high-density energy makes it possible to process materials with a high melting point, such
as tungsten [1], and to create complex-shaped products from them that were not previously
available for manufacture.

Computer modeling expands the understanding of processes occurring during manu-
facturing and provides information for further improvement of technology. In the article [2],
a model has been proposed for the estimation of parameters of a melt pool in laser metal de-
position technology (powder-based directed energy deposition process), and the influence
of the residual temperature from the previous deposited layers as well as the temperature
of the heated powder in the gas–powder jet, taking into account its spatial distribution are
considered. Modeling of the size and shape of the melt pool, as well as the profile of its
surface, was performed for various alloys: 316 L stainless steel, Inconel 718 nickel alloy and
Ti-6Al-4V titanium alloy.

Heat treatment should be applied for most alloys after additive manufacturing to
obtain the desired properties. In the articles [3–5], the features of heat treatment on the
properties of various application alloys produced by laser metal powder deposition technol-
ogy are explored. The best mechanical characteristics of additively manufactured Ti-6Al-4V
are provided with heat treatment at 900 ◦C temperatures with a 2-h holding time. The
chosen heat treatment mode ensures uniformity of the properties and microstructure in
manufactured Ti-6Al-4V samples with variable thickness and complexity, especially in the
deposited gas turbine blades [3]. Repeating the cycle of heat treatment twice at T = 620 ◦C,
with a holding time of 2 h for 06Cr15Ni4CuMo steel manufactured by laser powder metal
deposition, results in forming a finely dispersed structure of hardened resistant martensite,
providing a set of properties equal to the casting material, which makes it promising to use
this additive manufacturing process for producing water propellers [4].

The most common technology of powder production for powder-based additive
manufacturing processes is gas atomization [6]. At the same time, alternative methods are
popular among researchers that allow us to perform synthesis and property evaluation
of new materials, with their subsequent application in additive manufacturing processes.
The article [7] presents the results of W-C-Co system powder synthesis: In the first stage,
agglomerates are formed from nanoparticles by spray-drying technology; then, spherical
dense particles are formed by processing in plasma jet. Controlling the plasma treatment
process allows us to adjust the technological parameters (average particle size, apparent
density, flow rate, etc.) of the synthesized powder material. A similar approach was used
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by the authors of the article [8] for the synthesis of SiC-SiC system spherical powder for
use in the binder jetting additive manufacturing process. The initial non-spherical powders
of SiC and Si were used for synthesis, and after spray drying, non-dense agglomerates
of 10–80 μm were formed, bonded with a binding agent (PVA). The process of plasma
spheroidization led to the melting of Si, which significantly densified particles, and to the
decomposition of PVA binder with the formation of carbon. Carbon reacted with silicon
to form a secondary SiC. After plasma treatment, the particles had a spherical shape and
were 24–90 μm in size. For the binder jetting, the synthesized powder was mixed with SiC
fibers. The results of applying the Ti-48Al-2Cr-2Nb intermetallic alloy powders produced
by gas atomization and the combination of mechanical alloying and plasma spheroidization
technologies are presented in a previous article [9]. The investigation was carried out via
selective laser melting technology (laser powder bed fusion process), and the used SLM
system made it possible to implement the process with high-temperature preheating of
the substrate (600–900 ◦C). Crack-free samples were fabricated with a 900 ◦C preheating
temperature. Very fine microstructures consisting of lamellar α2/γ colonies, equiaxed γ

grains, and retained β phase were obtained in all samples. Aluminum loss during the
selective laser melting process led to a shift in the solidification route and resulted in the
formation of the retained β phase. Increased oxygen content in the initial powder led to
the formation of small oxides and an increased α2 volume fraction. The samples fabricated
from gas atomized powder demonstrated superior compressive performance compared
to the samples from the mechanically alloyed plasma spheroidized powder. Both alloys
showed superior compressive properties compared to the conventional TiAl-alloy. The in
situ synthesis approach is often used in additive manufacturing research as an economical
method for evaluating microalloying on known compositions, and [10] presented a study
of adding niobium to nitinol powder. Despite the incomplete melting of niobium particles,
it was possible to achieve the formation of a dense material, with subsequent heat treatment
at 900 ◦C with 2 h of dwell allowing increasing martensitic transformation hysteresis as
compared to the alloy without Nb addition from 22 to 50 ◦C, while the Af temperature
increased from −5 to 22 ◦C.

A trend that is attracting more and more research attention is multimaterial printing
with metals, shown in [11], where different geometries of interfaces, the effects of heat
treatment and hot isostatic pressing on the microstructure of intermaterial zones, and me-
chanical properties were studied. The researchers found that when intermaterial zones are
located along the sample, the ratio of the cross-section has greater influence on the mechan-
ical properties than their shape and location. When the zones are arranged transversely to
the specimen, a failure occurs at the interface and relative elongation is extremely low.

Some additive manufacturing processes include indirect fabrication, and the formation
of the final properties during that type of manufacturing requires applying special post-
processing methods (sintering, infiltration, reaction sintering, etc.). Such approaches are
used for the additive manufacturing of ceramic materials, as well as for metals [12,13] and
composites [14]. The article [8] presents the results of an investigation of manufacturing
SiCf-SiC ceramic composite materials. For the manufacture, the binder jetting process was
used, after which densification by infiltration and pyrolysis were performed. Polycarbosi-
lane preceramic polymer was used for vacuum infiltration, which has good wettability
and small pore filling ability, and after infiltration, the samples were heated up to 1000 ◦C
with dwell for 1 h. As a result, polycarbosilane pyrolysis occurred with the formation of
silicon carbide and densification of the samples. The infiltration and pyrolysis procedures
were carried out several times. The greatest densification was observed after the first
few cycles, and then the rate of rising density (decreasing porosity) became lower. In the
article [15], the binder jetting process was used for the fabrication of ceramic green models
and pressureless sintering for densification. The effect of sintering modes on the relative
density and grain sizes of samples made of two types of materials (submicron powder
with unimodal particle-size distribution and micron powder with multimodal particle-size
distribution) is presented.
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Another promising area is the investigation of materials and processes for the additive
manufacturing of functional materials. Shape memory materials are now being actively
researched for production by additive manufacturing and expanding possibilities of their
application by corrections of alloying systems [10]. Particularly relevant in the global trend
towards green energy are materials used in electrical machine component production, such
as electricity conductors, soft-magnetic alloys, piezoceramics, etc. Additive manufacturing
with such materials is a very current and attractive direction of investigation. Research into
the structure and properties of lead-free piezoelectric ceramics based on barium titanate
produced by the binder jetting process is presented in the article [15], and the results
demonstrate that the use of barium titanate allows achieving high piezoelectric properties,
and using binder jetting allows the creation of objects with complex geometry, which has
great potential in the manufacture of ultrasonic products used in medicine, aviation, the
marine industry, sensors for monitoring welded joints, pressure sensors in pipelines, etc.
In [16], three strategies for improving the magnetic properties of Fe-based soft magnetic
materials manufactured by selective laser melting have been suggested. The first one is to
optimize the parameters of the selective laser melting process for alloys whose chemical
composition is chosen to achieve the maximum values of electrical resistivity. Using
optimized process parameters and heating of the SLM substrate, the authors obtained
a crystalline sample of FeSi6.7 alloy with the minimum coercivity of Hc = 16 A/m and
hysteresis losses of 0.7 W/kg at 1 T and 50 Hz. The second one is to optimize the geometry
of samples by designing different inner hollow structures into samples. This allows us
to reduce eddy current losses in a magnetic field by changing the path of the electric
current. The third strategy is to form a sample consisting of alternating layers of soft-
magnetic material separated by electrically insulating material (multimaterial printing).
The strategies may be combined, which allows more flexible manage properties. Active
investigations into the additive manufacturing of amorphous and nanocrystalline soft-
magnetic alloys is under development at this time. This type of material has a significantly
higher level of soft-magnetic properties compared to crystalline analogues. High cooling
rates are typical for the selective laser melting process, but to reduce crystallinity and
increase magnetic properties sometimes it is necessary to use nonstandard build strategies
of laser scanning [17]. The first strategy was double scanning of each layer, the use of
which enabled the researchers to achieve a maximum relative density of 96% and saturation
magnetization of 1.22 T. The usage of this scanning strategy also increased the amorphous
phase content of samples to 47% and reduced coercivity. The second strategy consists of
a two-stage powder melting process: pre-laser melting and short-pulse laser treatment
for amorphization. The application of this strategy resulted in a sample containing 89.6%
amorphous phase and having a relative density of up to 94.1%.

Funding: The research was supported by a grant from the Russian Science Foundation No. 21-73-
10008, https://rscf.ru/project/21-73-10008.
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References

1. Ren, X.; Peng, H.; Li, J.; Liu, H.; Huang, L.; Yi, X. Selective Electron Beam Melting (SEBM) of Pure Tungsten: Metallurgical Defects,
Microstructure, Texture and Mechanical Properties. Materials 2022, 15, 1172. [CrossRef] [PubMed]

2. Turichin, G.A.; Valdaytseva, E.A.; Stankevich, S.L.; Udin, I.N. Computer simulation of hydrodynamic and thermal processes in
DLD technology. Materials 2021, 14, 4141. [CrossRef] [PubMed]

3. Gushchina, M.; Turichin, G.; Klimova-Korsmik, O.; Babkin, K.; Maggeramova, L. Features of heat treatment the ti-6al-4v gtd
blades manufactured by dld additive technology. Materials 2021, 14, 4159. [CrossRef] [PubMed]

4. Mendagaliev, R.; Klimova-Korsmik, O.; Promakhov, V.; Schulz, N.; Zhukov, A.; Klimenko, V.; Olisov, A. Heat treatment of
corrosion resistant steel for water propellers fabricated by direct laser deposition. Materials 2020, 13, 2738. [CrossRef] [PubMed]

5. Ivanov, S.; Gushchina, M.; Artinov, A.; Khomutov, M.; Zemlyakov, E. Effect of elevated temperatures on the mechanical properties
of a direct laser deposited Ti-6Al-4V. Materials 2021, 14, 6432. [CrossRef]

6. Golod, V.M.; Sufiiarov, V.S. The evolution of structural and chemical heterogeneity during rapid solidification at gas atomization.
IOP Conf. Ser. Mater. Sci. Eng. 2017, 192, 12009. [CrossRef]

3



Materials 2022, 15, 3492

7. Samokhin, A.; Alekseev, N.; Astashov, A.; Dorofeev, A.; Fadeev, A.; Sinayskiy, M.; Kalashnikov, Y. Preparation of w-c-co composite
micropowder with spherical shaped particles using plasma technologies. Materials 2021, 14, 4258. [CrossRef] [PubMed]

8. Polozov, I.; Razumov, N.; Masaylo, D.; Silin, A.; Lebedeva, Y.; Popovich, A. Fabrication of silicon carbide fiber-reinforced silicon
carbide matrix composites using binder jetting additive manufacturing from irregularly-shaped and spherical powders. Materials
2020, 13, 1766. [CrossRef] [PubMed]

9. Polozov, I.; Kantyukov, A.; Goncharov, I.; Razumov, N.; Silin, A.; Popovich, V.; Zhu, J.N.; Popovich, A. Additive manufacturing
of Ti-48Al-2Cr-2Nb alloy using gas atomized and mechanically alloyed plasma spheroidized powders. Materials 2020, 13, 3952.
[CrossRef] [PubMed]

10. Polozov, I.; Popovich, A. Microstructure and mechanical properties of niti-based eutectic shape memory alloy produced via
selective laser melting in-situ alloying by nb. Materials 2021, 14, 2696. [CrossRef] [PubMed]

11. Borisov, E.; Polozov, I.; Starikov, K.; Popovich, A.; Sufiiarov, V. Structure and properties of Ti/Ti64 graded material manufactured
by laser powder bed fusion. Materials 2021, 14, 6140. [CrossRef] [PubMed]

12. Polozov, I.; Sufiiarov, V.; Shamshurin, A. Synthesis of titanium orthorhombic alloy using binder jetting additive manufacturing.
Mater. Lett. 2019, 243, 88–91. [CrossRef]

13. Sufiiarov, V.; Polozov, I.; Kantykov, A.; Khaidorov, A. Binder jetting additive manufacturing of 420 stainless steel: Densification
during sintering and effect of heat treatment on microstructure and hardness. Mater. Today Proc. 2019, 30, 592–595. [CrossRef]

14. Sufiiarov, V.; Kantyukov, A.; Polozov, I. Reaction sintering of metal-ceramic AlSI-Al2O3 composites manufactured by binder
jetting additive manufacturing process. In Proceedings of the METAL 2020—29th International Conference on Metallurgy and
Materials, Brno, Czech Republic, 20–22 May 2020; pp. 1148–1155.

15. Sufiiarov, V.; Kantyukov, A.; Popovich, A.; Sotov, A. Structure and properties of barium titanate lead-free piezoceramic manufac-
tured by binder jetting process. Materials 2021, 14, 4419. [CrossRef] [PubMed]

16. Goll, D.; Schuller, D.; Martinek, G.; Kunert, T.; Schurr, J.; Sinz, C.; Schubert, T.; Bernthaler, T.; Riegel, H.; Schneider, G. Additive
manufacturing of soft magnetic materials and components. Addit. Manuf. 2019, 27, 428–439. [CrossRef]

17. Ozden, M.G.; Morley, N.A. Laser additive manufacturing of Fe-based magnetic amorphous alloys. Magnetochemistry 2021, 7, 20.
[CrossRef]

4



Citation: Ren, X.; Peng, H.; Li, J.; Liu,

H.; Huang, L.; Yi, X. Selective

Electron Beam Melting (SEBM) of

Pure Tungsten: Metallurgical Defects,

Microstructure, Texture and

Mechanical Properties. Materials 2022,

15, 1172. https://doi.org/

10.3390/ma15031172

Academic Editors: Vadim Sufiiarov

and Konda Gokuldoss Prashanth

Received: 1 January 2022

Accepted: 31 January 2022

Published: 3 February 2022

Publisher’s Note: MDPI stays neutral

with regard to jurisdictional claims in

published maps and institutional affil-

iations.

Copyright: © 2022 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

materials

Article

Selective Electron Beam Melting (SEBM) of Pure Tungsten:
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Abstract: Effects of processing parameters on the metallurgical defects, microstructure, texture, and
mechanical properties of pure tungsten samples fabricated by selective electron beam melting are
investigated. SEBM-fabricated bulk tungsten samples with features of lack of fusion, sufficient fusion,
and over-melting are examined. For samples upon sufficient fusion, an ultimate compressive strength
of 1.76 GPa is achieved at the volumetric energy density of 900 J/mm3–1000 J/mm3. The excellent
compressive strength is higher and the associated volumetric energy density is significantly lower
than corresponding reported values in the literature. The average relative density of SEBM-fabricated
samples is 98.93%. No microcracks, but only pores with diameters of few tens of micrometers, are
found in SEBM-ed tungsten samples of sufficient fusion. Properties of samples by SEBM and selective
laser melting (SLM) have also been compared. It is found that SLM-fabricated samples exhibit
inevitable microcracks, and have a significantly lower ultimate compressive strength and a slightly
lower relative density of 98.51% in comparison with SEBM-ed samples.

Keywords: pure tungsten; selective electron beam melting (SEBM); porosity; microstructure;
mechanical properties

1. Introduction

Tungsten has a high melting point, a high density, a low erosion tendency, high thermal
stress resistance, and high thermal conductivity, and exhibits low swelling and low tritium
retention. Owing to these superior thermophysical properties, tungsten and tungsten alloys
are considered the most promising candidate materials for plasma facing components in
nuclear reactors [1], and have also been attractive for industrial, aerospace, and medical
applications such as high temperature furnaces and X-ray shielding [2]. On the other hand,
tungsten materials show processing difficulties and have limited engineering applications
due to the inherent features of high-melting point, brittleness at room temperature, and
high temperature oxidation behaviors [3,4].

Selective laser melting (SLM) and selective electron beam manufacturing (SEBM) are
two important representatives of powder bed based additive manufacturing processes for
forming near-net shaped components of metals. They not only offer new feasible processing
methods for refractory metals, but also liberate the design freedom and significantly expand
the engineering application scope of refractory metals.

Rapid progress has been made in understanding the processing-microstructure-
properties relationships of pure tungsten samples fabricated by SLM [3–7]. For exam-
ple, the SLM-fabricated bulk pure tungsten samples of high relative densities of 95–98.51%
can achieve an ultimate compressive strength up to 1.01 GPa after heat treatment [7,8].
Experimental observations also indicate that microcracks owing to high residual stresses

Materials 2022, 15, 1172. https://doi.org/10.3390/ma15031172 https://www.mdpi.com/journal/materials5
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induced by high temperature gradients in SLM-ed samples are inevitable [4–11]. In SLM-ed
samples, one can also find pores whose formation is most likely attributed to the entrapped
protective inert gas (e.g., argon) by the Marangoni effect [7,12].

In contrast to SLM with laser power on the order of hundreds of Watts, the electron
beam power of SEBM can reach as high as 3 kW, much higher energy input than SLM [13].
In SEBM, preheating the substrate and every powder layer by the defocused electron beam
can significantly minimize the residual stress in the fabricated components. The SEBM
process works under a vacuum condition which forms a nearly perfect protection against
oxidization and gas contamination [14,15]. Owing to these features, SEBM is more suitable
than SLM for fabricating refractory metal components and brittle materials with affinity to
gases such as oxygen at high temperature [16–19].

In comparison with studies of SLM-ed pure tungsten samples [3–7], few studies on the
fabrication of pure tungsten by SEBM have been reported in the literature [20]. A processing
window for SEBM-fabricated pure tungsten is preliminarily determined by characterizing
the surface morphologies of the melt pool, and the sample compression strength along
the building direction is reported as 1.56 GPa [20]. Nevertheless, important questions,
such as how to relate the mechanical properties of SEBM-ed pure tungsten samples to
the microstructure and texture, remain to be fully elucidated. Moreover, no comparative
analysis has been performed on the microstructural and mechanical characterizations of
pure tungsten samples manufactured by SEBM or SLM.

In this work, we focus on some key issues of SEBM-ed pure tungsten samples, such as
features of microdefects including cracks and pores, microstructure, texture, and mechanical
properties. A thorough comparison on the microstructure and mechanical properties of
pure tungsten samples manufactured by SEBM or SLM is performed, which is helpful in
understanding and optimizing the additive manufacture of tungsten samples.

2. Materials and Experimental Procedures

2.1. Materials and SEBM Process

Spherical powder particles of good flowability are most suitable for SEBM. However,
owing to a large amount of powder required for SEBM and the corresponding expensive
cost attributed to spheroidization of pure tungsten powder, polygonal pure tungsten
powder of good flowability emerge as an alternative option. The Hall flow rate of polygonal
pure tungsten powder particles with size of 65 μm–105 μm (Figure 1) is measured according
to the ASTM B213 standard test method. Measurements with 50 g mass of powder require
about 8.5 s, indicating fluidity good enough for SEBM.

Figure 1. Morphology of tungsten powders used in the SEBM process.

The Arcam A2XX EBM system (Mölndal, Sweden) is used to fabricate the bulk pure
tungsten samples with a minimum electron beam diameter of around 250 μm. The vacuum
pressure in the chamber is kept below 0.2 Pa. The 316 stainless steel substrate plate is
initially preheated to 1150 ◦C by fast scanning with a defocused electron beam to decrease
thermal gradients during the building process. Then, a sample is fabricated layer by
layer, and each layer is subject to a four-step process of depositing-preheating-melting a
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powder layer and lowering platform (Figure 2a): (1) depositing a powder layer onto the
substrate plate by the rake, (2) preheating and slightly sintering the powder layer with
a defocused electron beam, (3) selectively scanning and melting the preheated powder
layer by a focused electron beam according to a schemed computer-aided system, and
(4) lowering the building platform by a nominal layer thickness and repeating from step
(1) for the next layer fabrication. Step (2) is essential to prevent so-called smoke events
occurring in step (3), which lead to unfavorable powder spreading within the machine
and eventual termination of the SEBM process [21]. A zigzag scanning pattern with an
interlayer misorientation of 90◦ between layers is adopted (Figure 2b).

Figure 2. Schematic of the four-step process for building each layer in SEBM (a) and zigzag scanning
strategy (b). BD, building direction.

Critical processing parameters impacting the input energy density in SEBM include the
electron beam power P, scanning velocity v, powder layer thickness t, and hatch distance
h. A combination of them gives the volumetric energy density E = P/(h × v × t), which is
used to estimate the energy density input into the powder layer. The beam power is given
by P = I × U, where I is the beam current and U is the voltage. The building processes
exhibit features of lack of fusion, sufficient fusion, and over-melting as E increases. A lower
E with a high scanning speed may induce the incomplete spread of the liquid metal and
lead to the lack of fusion. An excessive E with a low scanning speed could result in the
disturbance of the melt pool. Values of the processing parameters are listed in Table 1. The
SEBM-ed pure tungsten samples have dimension of 15 × 15 × 20 mm3 (Figure 3).

Table 1. Processing parameters for the fabrication of tungsten using SEBM.

Beam Current I Layer Thickness t Hatch Distance h Voltage U

15 mA 50 μm 100 μm 60 kV

No. 1 Scanning Velocity v (mm/s)
Volumetric Energy Density E

(J/mm3)

S1 300 600
S2 250 720
S3 200 900
S4 180 1000
S5 150 1200

1 S1 and S2, lack of fusion; S3 and S4, sufficient fusion; S5, over-melting.
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Figure 3. Pure tungsten cube (S4) of size 15 × 15 × 20 mm3 fabricated by SEBM.

2.2. Characterization

The SEBM-ed bulk pure tungsten samples are cut from the substrate using wire electri-
cal discharge machining, then cleaned with acetone, alcohol, and water. For microstructure
characterization, smaller specimens cut from the bulk components are mechanically ground,
followed by electrolytic polishing with 2% NaOH solution at voltage of 20 V, then these
specimens are examined with electron backscatter diffraction (EBSD) analysis. To detect the
metallographic microstructure, the samples undergo electrolytic etching with 2% NaOH
solution at voltage of 5 V and are examined using the Leica DM2700 M optical microscope
(Wetzlar, Germany). Cylinder samples with length-to-diameter ratio L/D = 1.5 are cut from
the fabricated components and the end faces are polished for compression tests at room
temperature using an Instron 5585H universal testing equipment (Norwood, United States)
at a strain rate of 10−3/s.

3. Results and Discussion

3.1. Metallurgical Defects

Three representative top surface morphologies and side view optical micrographs
of the bulk pure tungsten samples fabricated by SEBM are shown in Figure 4. At high
scanning velocity and low volumetric energy density, the liquid metal has no sufficient time
to fully spread owing to the rapid solidification velocity, and evident shrinkage holes could
be formed. As shown in Figure 4a, the corresponding fabricated samples show features of
lack of fusion with large shrinkage holes having rough surfaces. As the scanning velocity v
decreases to a proper value, samples of smooth surfaces and dense structures with few tiny
pores are fabricated with sufficient fusion (Figure 4b). As v further decreases, the energy
input becomes excessive, causing over-melting and unfavorable disturbance of the melt
pool and leading to a higher surface periphery (Figure 4c). Although the energy inputs
for the samples of sufficient fusion and over-melting are different, the pores there have
similar size and number. The pore formation might be due to the trapping of gas such as
residual oxygen within the powder particles, even the building process works in a high
vacuum environment. A thorough and detailed mechanistic study on the formation of
different surface morphologies is challenging and deserves further detailed investigations
in the future. The effects of pores on the mechanical properties of the SEBM-ed samples are
discussed comparing with SLM-ed samples in Section 3.3.

No microcracks are seen; only pores (irregular shrinkage holes in the case of lack
of fusion, and tiny spherical pores in cases of sufficient fusion and over-melting) exist
in the SEBM-ed tungsten samples (Figure 4). In SLM-ed tungsten samples, microcracks
are usually inevitable [6,8–10], as shown in Figure 5. A widely adopted aspect causing
the microcrack formation in the SLM-ed samples is the high thermal stress generated
by the high temperature gradient during the SLM process. That high thermal stress
could cause tearing along grain boundaries, which are embrittled by the oxidation and
resulting impurities [4,9,22,23]. It has been reported that a high concentration of oxygen
and impurities segregate to the grain boundaries during the cooling process of melted
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tungsten in SLM [9,24], and the strength of pure tungsten and tungsten alloys are greatly
affected by the oxides distributed at grain boundaries [22,25–28].

Figure 4. Three representative top surface morphologies (top row) and side view optical micrographs
(bottom row) of the bulk pure tungsten samples (S1, S4, and S5) fabricated by SEBM with characteris-
tics of lack of fusion (a), sufficient fusion (b), and over-melting or excess energy input (c). In (c), the
surface periphery is higher than the central region. Lateral dimension is 15 × 15 mm2.

Figure 5. Optical micrographs of polished cross-sections (top (a) and front (b) views) for bulk pure
tungsten samples fabricated by SLM.

In SEBM, the vacuum environment prohibits the oxidation, and the high temperature
gradient is lower compared to SLM. Therefore, no microcracks are formed in SEBM-
ed samples. For example, in SEBM for tungsten fabrication the substrate is heated to
1150 ◦C by the defocused electron beam and that temperature is maintained throughout
the building process. Each powder layer is also preheated. Therefore, the temperature
gradient in SEBM is much lower than that in SLM for tungsten where the substrate can
only be pre-heated up to 200 ◦C and there is no preheating for powder layers [8]. The
lower temperature gradient in SEBM gives rise to a lower cooling rate, which in turn
causes a much lower thermal stress [13,29,30] and low possibility of microcrack formation.
Moreover, the ductile-to-brittle transition temperature (DBTT) of pure tungsten is in a range
of 150 ◦C to 400 ◦C [1,31]. The sustained elevated temperature in SEBM could not only
relieve the thermal stress [32], but also enable SEBM-ed tungsten samples above DBTT
exhibiting plasticity to a certain extent. Overall, the crack formation in SEBM-ed tungsten
is inhibited during the building process.

According to the Archimedes’ principle, relative densities of as-fabricated SEBM
samples S1–S5 are measured. Having knowledge of the volumetric energy density E in
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Table 1, the relation between the relative density and the volumetric energy density is
determined (Figure 6). It is shown that samples of either sufficient fusion or over-melting
have high relative densities, and an S4 sample of sufficient fusion has the highest relative
density of 98.93%. Though S5 samples have high relative densities, the associated irregular
surface periphery, as shown in Figure 4c, limits the usage of S5 samples of over-melting as
near-net shaped components.

Figure 6. The relative density versus the volumetric energy density of the pure tungsten
additive fabrication.

In Figure 6, we also provide the values associated with SLM-ed tungsten for references.
In our previous work on the additive manufacture of pure tungsten samples by SLM with
spherical powder particles of 5 μm to 25 μm in diameter, the optimized SLM processing
parameters include layer thickness of 30 μm, hatch distance of 0.08 mm, laser power of
300 W and scanning velocity of 300 mm/s at a laser spot size of around 70 μm [8]. As
in the SLM-ed samples there only exist small microcracks and the crack number is small
(Figure 5), the relative density of the SLM-ed samples is only slightly lower than the SEBM-
ed samples of sufficient fusion with the absence of microcracks. In SLM and SEBM, the
energy absorption depends on the powder particle size and shape as well as the physical
features of laser and electron beams [33,34]. As all these parameters in the present work of
SEBM and our previous work of SLM are significantly different, it is not surprising that the
volumetric energy densities of the SLM-ed and SEBM-ed tungsten samples with similar
relative densities could be significantly different (Figure 6).

3.2. Microstructure and Texture

Columnar grains are observed in all SEBM-ed samples (Figure 7). It is known that the
columnar grains grow along the maximum temperature gradient direction. In most cases,
the building direction is parallel to the direction of the maximum temperature gradient,
and one can see that columnar grains grow epitaxially along the building direction for
SEBM-ed samples (as demonstrated in Figure 7a,c). In some cases, particularly at the
sample edges surrounded by thick powder layers, the heat dissipation rate of the particles
is much lower than that of the bulk, resulting in an evident deviation of the maximum
temperature gradient direction from the building direction. That direction deviation is
gradually reduced toward the bulk region, consistent with marked arrows in Figure 7b.
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Figure 7. Columnar grain structures of as-fabricated pure tungsten samples of lack of fusion (a),
sufficient fusion (b), and over-melting (c).

Microstructure and crystallographic texture analysis of the SEBM-ed sample S4 is
performed using EBSD analysis. As shown in Figure 8, coarse grains appear equiaxed
from the top view (Figure 8a), significantly different from the scattered checkboard pattern
of SLM-ed samples reported in our previous work [8]. Long columnar grain structures
along the building direction are observed in SEBM-ed samples (Figure 8a), indicating a
stable melt pool during the SEBM process [20]. In contrast, columnar grain structures in
the SLM-ed samples are relatively small (grain diameter about 125 μm in comparison with
320 μm for the SEBM-ed samples) and discrete [8], indicating disrupted epitaxy growth of
columnar grains during SLM, which might be owing to the scanning strategy of a pattern
with an interlayer misorientation of around 67◦ [8,10].

Figure 8. EBSD analysis of the SEBM-ed sample S4. (a) Grain size characterization, (b) inverse pole
figure (IPF) coloring map, and (c) orientation pole figure taken from top view in (b). Scale bars in
(a,b), 200 μm.

The IPF coloring map in Figure 8b and the pole figure in Figure 8c show that the SEBM-
ed pure tungsten S4 sample has a strong <100> grain orientations. As pure tungsten has a
body-centered cubic crystal structure, the columnar grains usually prefer <100> growth
direction [35], consistent with Figure 8c. In the process of melting and solidification of
tungsten, the epitaxial growth of columnar grains shows a strong rotated cube {100} <110>
along the building direction. An unusual (111) texture has been found in SLM-ed tungsten,
which is owing to the rotation of thermal gradient caused by the 67◦ rotation of scanning
direction between layers [29,36]. The scanning direction with rotation of 90◦ between
layers adopted in the present SEBM process may have little influence on the direction of

11



Materials 2022, 15, 1172

maximum thermal gradient, and therefore the preferred <100> growth direction is observed
in this work.

3.3. Mechanical Properties

Pore formation affects not only the density but also the mechanical properties of
fabricated samples. Compression tests of cylindrical tungsten samples with features of
lack of fusion (S1), sufficient fusion (S4), and over-melting (S5) are conducted at room
temperature (Figure 9). The cylindrical samples have diameter of 3 mm and length of
4.5 mm. The average ultimate compressive strength for each sample is given in the inset of
Figure 9.

 

Figure 9. Compressive stress–strain curves for SEBM-ed pure tungsten samples S1, S4, and S5. Inset,
ultimate compressive strengths of corresponding pure tungsten SEBM-ed bulk samples and previous
SLM-ed sample.

Owing to the large and irregular pore structures in S1 samples (Figures 4a and 7a),
the corresponding ultimate compressive strength is as small as 0.61 GPa and the fracture
engineering strain is as small as around 10%. Samples S4 and S5 of dense structures
containing tiny pores (Figures 4b,c and 7b,c) have a much larger ultimate compressive
strength and fracture strain. Specifically, the ultimate compressive strength of the S4 sample
(sufficient fusion) is 1.76 GPa with a fracture engineering strain of around 40%, both larger
than reported values of 1.56 GPa and 18% in the literature [20]. Moreover, the volumetric
energy density for the S4 sample is about 1000 J/mm3, significantly lower than that of
1440 J/mm3–3840 J/mm3 in ref. [20]. The compressive strength of optimized SLM-ed bulk
pure tungsten samples is around 1.01 GPa [8], much lower than that achieved in the present
work by SEBM, though the SLM-ed sample also has a high relative density of 98.51%.
This observation suggests that the large ultimate compressive strength of SEBM-ed S4
sample mainly results from the absence of microcracks in fabricated samples, rather than
the high relative density. In S4, samples the columnar grains are relatively coarse due to
the long-time high temperature fabrication process, and grain refinement with addition of
the carbide nanoparticles or oxide dispersion [9,22,23,26,37] could be employed to further
improve the mechanical properties of fabricated samples.

4. Conclusions

Pure tungsten samples of high relative density and superior ultimate compressive
strength are fabricated by SEBM at different volumetric energy densities. Samples with fea-
tures of lack of fusion, sufficient fusion, and over-melting are identified. The corresponding
metallurgical defects, microstructure, texture, and mechanical properties of the SEBM-
fabricated samples are analyzed and compared with counterparts of the SLM-fabricated
samples. The main conclusions are summarized as follows.
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1. Pure tungsten bulk samples upon sufficient fusion using SEBM are fabricated with
high relative density up to 98.93%. A superior ultimate compressive strength of
1.76 GPa higher than reported values in literature is achieved at a volumetric energy
density of 1000 J/mm3.

2. Long columnar grain structures along the building direction are observed in the
SEBM-ed samples, indicating a stable melt pool during the SEBM process; while
relatively small and discrete columnar grain structures exist in the SLM-ed samples,
indicating disrupted epitaxy growth of columnar grains during SLM.

3. Comparing with the SLM-ed pure tungsten samples containing micropores and
inevitable microcracks, no microcracks, but only micropores, are found in the SEBM-
ed tungsten samples of sufficient fusion. The absence of microcracks in the SEBM-
ed tungsten benefits from the reduction in oxide precipitates due to the vacuum
manufacturing environment and from the low thermal stress owing to the specific
heating and preheating schemes in the SEBM process.

4. The SEBM-ed samples of sufficient fusion have the ultimate compressive strength
(1.76 GPa) significantly larger than that (0.98 GPa) of the SLM-ed samples of similar
high relative densities exceeding 98%.

Author Contributions: Conceptualization, X.R. and X.Y.; methodology, X.R. and H.P.; investigation,
X.R., H.P., J.L., H.L., L.H. and X.Y.; writing—original draft preparation, X.R.; writing—review and
editing, X.Y.; supervision, X.Y.; and funding acquisition, X.Y. All authors have read and agreed to the
published version of the manuscript.

Funding: This research was funded by the National Natural Science Foundation of China (grant No.
11988102) and National Science and Technology Major Project (2017-VI-0003-0073).

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Philipps, V. Tungsten as material for plasma-facing components in fusion devices. J. Nucl. Mater. 2011, 415, S2–S9. [CrossRef]
2. Lassner, E.; Schuber, W.-D. Tungsten—Properties, Chemistry, Technology of the Element, Alloys, and Chemical Compounds; Springer:

Berlin/Heidelberg, Germany, 1999.
3. Zhang, D.; Cai, Q.; Liu, J. Formation of nanocrystalline tungsten by selective laser melting of tungsten powder. Mater. Manuf.

Process. 2012, 27, 1267–1270. [CrossRef]
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Abstract: This article deals with the theoretical issues of the formation of a melt pool during the
process of direct laser deposition. The shape and size of the pool depends on many parameters, such
as the speed and power of the process, the optical and physical properties of the material, and the
powder consumption. On the other hand, the influence of the physical processes occurring in the
material on one another is significant: for instance, the heating of the powder and the substrate by
laser radiation, or the formation of the free surface of the melt, taking into account the Marangoni
effect. This paper proposes a model for determining the size of the melt bath, developed in a one-
dimensional approximation of the boundary layer flow. The dimensions and profile of the surface and
bottom of the melt pool are obtained by solving the problem of convective heat transfer. The influence
of the residual temperature from the previous track, as well as the heat from the heated powder of
the gas–powder jet, taking into account its spatial distribution, is considered. The simulation of the
size and shape of the melt pool, as well as its free surface profile for different alloys, is performed
with 316 L steel, Inconel 718 nickel alloy, and VT6 titanium alloy

Keywords: direct laser deposition; heat transfer; mass transfer; hydrodynamics; simulation of the
melt pool; alloys

1. Introduction

The direct laser deposition (DLD) process, according to the classification considered
in [1], is currently becoming a more and more promising technology for the additive pro-
duction of parts for various purposes in shipbuilding, aircraft construction, mechanical
engineering, and other industries. There is already a positive experience in the manufacture
of ship fittings, propellers [2,3], water jet propellers [4,5], large-sized products and machine
parts [6], high-pressure vessels, and others. This technology belongs to the direct metal
deposition (DMD) technologies, in which the product is formed from a metal powder sup-
plied by a gas jet directly into the area of action of focused laser radiation. In this case, the
heating and melting of the powder and the substrate is controlled by equipment in order to
maintain the process in the stability zone. The high power of the laser source should ensure
and maintain a high melting rate of the powder in order to ensure high process productivity
up to 1.5–2.5 kg/h [4]. However, this can lead both to the appearance of instability of the
wall formation described in [7], and to a deviation from the specified dimensions [8]. A
large number of important parameters of the processing mode, and the danger of leaving
the process in the zone of unstable formation, greatly complicate the selection of techno-
logical parameters by the experimental method. Therefore, the availability of a physically
adequate and fast mathematical model that allows the performance of numerical modeling
will facilitate the development and optimization of technological parameters for the direct
laser deposition process. A large number of papers describe the use of various numerical
schemes of finite element analysis [9–11], analytical models [12], and even statistical mod-
els [13] for modeling thermal and hydrodynamic processes. However, in most of them, the
case of cladding the bead on a thick and wide substrate is considered. This is not suitable
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for thin walls, due to differences in boundary conditions. The influence of the Marangoni
effect, capillary forces, and the mutual influence of hydrodynamics and heat transfer in
the melt pool are also rarely taken into account. Finite element analysis allows scientists
to take these factors into account, but the calculation time can be hours, or even days.
The presented work is a development of the model developed earlier in [6,7,14,15]; it was
developed specifically for modeling the process of forming thin-walled structures. This
model takes into account the Marangoni effect, the transfer of the powder by a gas jet, the
heating of the powder by laser radiation, the interaction of the jet with the substrate, and
heat transfer in the solid and liquid phases, as well as the hydrodynamics of the melt pool.
This work presents the results of theoretical studies and modeling of joint thermal and
hydrodynamic processes in the stationary case for the DLD process, taking into account
the influence of the heated powder on the melt pool.

2. Materials and Methods

2.1. Melt Flow Description

The high-speed DLD process is characterized by the formation of a melt pool with a
length “L” much larger than the width “b” and depth “H” (Figure 1).

Figure 1. Design diagram of the deposited wall and the melt pool.

In this case, to describe the velocity field in the melt, we can limit ourselves to a
one-dimensional formulation, and use the approximation of a one-dimensional boundary
layer. In this case, the longitudinal velocity Vx, directed along the direction of movement
of the laser, is much greater than the transverse velocities Vy and Vz. In the case of a
steady-state process, the Navier–Stokes fluid motion equation can be written as:

Vx
∂Vx

∂x
= −1

ρ

∂p
∂x

+ ν
∂2Vx

∂z2 (1)
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The boundary condition at the “bottom” of the melt pool is given as:

Vx|z=0 = 0,

The boundary condition on the “top” surface is obtained from the requirement of the
stress tensor continuity:

−η
∂Vx

∂z

∣∣∣∣
z=H

=
∂σ

∂x

We assume that the temperature change along the melt pool surface is much less
than the average temperature of its surface. We assume that Ts is the maximum surface
temperature, while Tm and Tb are the melting and evaporation temperatures, respectively.
Assuming that the law oftemperature drop to the tail of the melt pool is linear , then we
can write:

η
∂Vx

∂z

∣∣∣∣
z=H

=
σ

L
Ts − Tm

Tb − Tm
=

σ∗

L
(2)

Let the velocity distribution of the liquid in the melt have a parabolic shape. This
approach will ensure that the boundary conditions and the conditions of mass flow conser-
vation along the “x” axis are met.

Vx(z) = Vx

(
α + βz + γz2

)
(3)

Substituting Equation (3) into the boundary conditions, we obtain expressions for the
coefficients of the equation:

α = 0
γ = − 3

4H

(
2
H − σ∗

LηVx

)
β = 2

H

(
1 + H

4

(
2
H − σ∗

LηVx

))
= 2

H

(
3
2 − σ∗

4ηVx
H
L

)
= 3

H − σ∗
2ηVx L

(4)

Then Equation (1) will look like this:

Vx
∂Vx

∂x
= −1

ρ

∂p
∂x

− 3ν
Vx

H2 +
3σ∗

2ρLH
(5)

We will use the continuity equation to relate the position of the weld pool surface
to the melt velocity Vx. Here, it is necessary to take into account that the density of the
mass flow j(x) incident on the melt surface is determined by a gas–powder jet. Then the
continuity equation for the flow will be written as follows:

∂

∂x
(Vx H) =

j(x)
ρ

(6)

Considering that the pressure in the melt:

p =
σ

R

and when H < b we get:

R ≈ b +
H2

2b
, p ≈ σ

b
− σH2

2b3

In this case, the terms of the Navier–Stokes equation associated with the change in the
transverse radius of curvature of the surface will look like:

∂p
∂x

=
σ

2b3
H∂H

∂x
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A change in the longitudinal radius of the curvature of the melt surface will give an
additional pressure, which can be expressed as:

padd = σ
∂2H
∂x2 .

Then, one can write:

Vx
∂Vx

∂x
=

σ

ρb3
H∂H

∂x
− 3ν

Vx

H2 +
3σ∗

2ρLH
(7)

After integration, we will get:

H(x) =
1

ρvx

x∫
0

j(x)dx (8)

The boundary conditions for the last equation can be written as:

H|x=0 = 0,
∂H
∂x

∣∣∣∣
x=0

= 0,
∂H
∂x

∣∣∣∣
x=L

= 0.

Using Equation (8) in Equation (7), and solving it numerically, we obtain the profile
of the upper surface of the melt pool, taking into account the Marangoni effect. The
parameters of the length “L” and the depth “H” of the melt pool are determined by the
solution to the heat transfer problem.

2.2. Influence of the Powder Jet on the Heat Transfer in the Deposited Wall

As was shown in [6], the thermal field when applying a single deposited bead to a
thin wall in a steady state can be described by the equation of convective heat transfer. At
the same time, since the wall width is comparable to the diameter of the laser beam spot,
the temperature gradient along the y axis can be neglected.

Vx
∂T
∂x

= χ

(
∂2T
∂x2 +

∂2T
∂z2

)
(9)

The boundary conditions for this case can be written as:

−λ
∂T
∂z

∣∣∣∣
z=0

= q(x), T|z→∞ → T0 (10)

where λ and χ correspond to heat conductivity and thermal diffusivity coefficients, respec-
tively; q(x) is the distribution of the total energy flow on the melt pool surface; and T0 is
the initial temperature of the substrate.

Since the energy flux density on the pool surface includes the laser radiation intensity
I and the convective heat flux brought by the heated powder, we can write:

q(x) = I(x) · A + j(x) · c · (Tp(x)− T0
)

(11)

To determine Tp, we can use a well-known analytical solution to the problem of
temperature distribution in a homogeneous ball of radius R with an initial temperature T0
for the case when a constant heat flow qp is fed into the ball through its surface [16,17]:

Ti(r, t) = T0 +
qpR

λ

(
3χt
R2 − 3R2 − 5r2

10R2

)
− 2qp

λRr

∞

∑
i=1

sin(μir)
μ3

i cos(Rμi)
e−χμ2

i t

where μn are the positive roots of the equation tg(Rμ) = Rμ; and t is the heating time,
which is determined for each particle as the time of flight through the laser radiation zone
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before it enters the melt pool. Knowing the density of the powder flow in the gas–powder
jet, the trajectory of the particles, their size, and the amount that got into the melt pool—
for example, from [18]—it is possible to obtain the temperature distribution Tp(x) in the
gas—powder jet at the time of meeting with the melt surface.

Furthermore, using the method of solving the convective heat transfer equation
described in [6], for the temperature field during surfacing of the i-th layer, we obtain:

T(x, z) =
e−

Vx
2χ

λ

∞∫
−∞

(
A · I(x′) + j(x′)c

(
Tp(x′)− T0

))
e−

Vx′
2χ K0

(
V
2χ

√
z2 + (x − x′)2

)
dx′ + Tw (12)

where Tw is the residual temperature of the previous layer when applying the bead,
determined by the product construction strategy.

3. Results and Discussion

The proposed model was tested at the Institute of Laser and Welding Technologies of
St. Petersburg State Marine Technical University, for various products and materials. A
comparison of the calculation results and experimental data showed that the error does not
exceed 20%; this is a good indicator of the performance of a fast, semi-analytical model.

For the calculations, data on physical and optical properties of the works [19–26] were
used. The data shown in Table 1 were averaged.

Table 1. Thermophysical and optical properties of the chosen materials.

Properties Inconel 718 VT6 316 L

Heat capacity, J/(G·K) 0.435 0.546 0.45
Heat conductivity W/(m·K) 8.9 26 30

Density, kg/m3 8190 4430 7800
Melting point, K 1600 1920 1710

Reflectivity for 1.06 μm, % 77 61 68

Examples of surface profile calculations for different values of motion speed and
powder feed rate are shown in Figure 2. It is evident that the surface profile depends on
the melt pool length “L” and depth “H”.

A comparison of the melt pool surface profiles for different materials is shown in
Figure 3. It can be seen from the figure that with the same mode parameters, the VT6 alloy
gives a greater increment in height when the bead is deposited. At the same time, the
process efficiency for steel and nickel alloy is approximately the same.

The impact of the heated powder jet on the surface temperature distribution along
melt pool surface is shown in Figure 4.

Calculations show that even a small addition of energy flux with the heated powder
leads to an increase in the melt pool’s size (Figure 5).

For all materials, the contribution of heat from the heated powder was significant. In
addition, due to the greater absorption capacity of the titanium alloy, not only was the melt
pool length increased, but also the depth. For Inconel 718 and 316 L steel, this effect was
not so significant. The figure shows that for 316 L steel and Inconel 718 alloy, there is a
more elongated, but shallow melt pool, while for titanium alloy, on the other hand, there is
a shorter and deeper melt pool. In the presence of a smaller pool, the amount of powder
entering the melt will be less, and the efficiency of the process will decrease. It turns out
that despite the higher absorption coefficient, having a melt pool with a smaller surface
area, the efficiency of the deposition process for titanium alloy may be less than expected.
This fact should be taken into account when selecting processing modes.
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(a) 

 
(b) 

− − − −

− − − −

Figure 2. Melt pool top surface profile for 316 L steel for different powder feed rates (a) and motion
speeds (b); laser beam radius on the surface was 2.5 mm, beam power was 2000 W, and powder jet
diameter was 3 mm.

− − − −

Figure 3. Melt pool top surface profiles for Inconel718, VT6, and 316 L steel in comparison with one
another. Motion speed was 20 mm/s, laser beam power was 2000 W, laser beam radius on the surface
was 2.5 mm, powder jet diameter was 3 mm, and powder feed rate was 2 kg/h.
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Figure 4. Temperature distribution along the melt pool length. Laser power was 2000 W, motion
speed was 20 mm/s, laser beam radius on the surface was 2.5 mm, powder jet diameter was 3 mm,
and powder feed rate was 2 kg/h.

−

Figure 5. Melt pool shape. Laser power was 2000 W, motion speed was 20 mm/s, laser beam radius on the surface was
2.5 mm, powder jet diameter was 3 mm, and powder feed rate was 2 kg/h.

4. Conclusions

Direct laser deposition is a complex physical process. When developing new modes, a
number of experiments can be replaced by a physically adequate mathematical modeling.
If possible, the mutual influence of different processes on one other should be taken into
account. The hydrodynamics of the melt are inextricably connected to the temperature
field formed in the substrate under the action of laser radiation. In addition to the radiation
itself, the final values of the temperature field in general, and the surface temperature
in particular, are significantly affected by the heated powder entering the melt via a gas–
powder jet. The effect of additional heat input from the powder on the pool length is
noticeable for all of the materials considered—the simulation results clearly demonstrated
this. Such an increase can be predicted with high probability for any metal materials. The
quantitative contribution of heat from the powder depends on both the thermophysical and
optical properties of the material. For some materials, it may be significant to increase not
only the length of the melt pool, but also its depth—as, for example, it turned out to be for a
titanium alloy. However, it should be borne in mind that reducing the size of the pool at the
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same mass flow density will lead to a decrease in the efficiency of the deposition process.
With a significant variability in the properties of materials, the choice of parameters should
mainly be carried out using mathematical modeling, since the experimental selection of
modes can be extremely time-consuming.
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Nomenclature

L Melt pool length, mm
H Melt pool depth, mm
b Melt pool half-width, mm
R Curvature radius of a bead profile
V Laser beam motion speed, mm/s
Vm(x,y,z) Liquid metal flow velocity, mm/s
Vx, Vy, Vz X, Y, and Z components of the liquid metal flow velocity, mm/s
c Heat capacity, J/(kg·K)
λ Heat conductivity, W/(m·K)
χ Thermal diffusivity, m2/s
ρ Density, kg/m3

ν Kinematic viscosity of the liquid melt, m2/s
η Dynamic viscosity of the liquid melt, Pa·s
α, β, γ Coefficients of the parabolic equation of the melt velocity X component
σ, σ* Surface tension, N/m
T0 Initial temperature, environment temperature, K
Tm Melting point, K
Tb Boiling point, K
Ts Maximum surface temperature, K
Tw Residual temperature of the previous deposited bead, K
p Pressure, Pa
padd Additional pressure over change of the longitudinal curvature radius, Pa
j(x) Powder mass flow density, kg/(s·m2)
q(x) Distribution of the total energy flux on the melt pool surface, W/m
I(x) Intensity of the laser beam radiation, W/m
A Light energy absorption coefficient
Ti(r,t) Temperature of a particle at co-ordinate r and heating time t, K
Tp(x) Temperature distribution in the powder jet along the X axis, K
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Abstract: Additive manufacturing of titanium alloys is one of the fastest growing areas of 3D metal
printing. The use of AM methods for parts production in the aviation industry is especially promising.
During the deposition of products with differently sized cross-sections, the thermal history changes,
which leads to non-uniformity of the structure and properties. Such heterogeneity can lead to failure
of the product during operation. The structure of deposited parts, depending on the thermal cycle,
may consist of α’, α + α’ + β’, and α + β in different ratios. This problem can be solved by using
heat treatment (HT). This paper presents research aimed towards the determination of optimal heat
treatment parameters that allows the reception of the uniform formation of properties in the after-
treatment state, regardless of the initial structure and properties, using the example of a deposited
Ti-6Al-4V gas turbine blade.

Keywords: Ti-6Al-4V; direct energy deposition; thermal history; annealing; phase composition;
microstructure; tensile properties

1. Introduction

The transition of the world aircraft industry to innovative technologies, including the
replacement of metal structures with composite materials, the development of additive
manufacturing, and the introduction of new artificial intelligence systems in the aircraft
control system, is becoming an increasingly relevant trend.

Computer engineering is widely used to create new materials in the aviation industry,
which reduces the cost of the production of expensive full-scale prototypes by using virtual
models. Additive technologies, most commonly based on the use of virtual models, are
widely available due to the fact that they allow the manufacturing of products with complex
geometric shapes and profiles. The use of such advanced technologies will significantly
reduce the time introduction of products to the market and their cost, reduce material
consumption, and reduce the product failure, which is a clear advantage for use in most
industries [1–3].

The aviation industry is characterized by increased requirements for structural materi-
als, and in some cases is a main customer and consumer of new materials and technolo-
gies [4]. A range of AM techniques are now available. The following additive manufac-
turing methods have become particularly popular in the aircraft industry for metal parts:
selective laser melting (SLM), electron beam melting (EBM), and direct laser deposition
(DLD). In SLM and EBM, thin powder layers are consolidated layer by layer using electron
or laser beam scanning, and a layer is formed along the path of the corresponding user-
created model [5,6]. In DLD, the formation of a layer occurs by the coaxial supply of laser
radiation and powder through special nozzles. Each of the methods has its advantages
and disadvantages [7]. Due to the design features of the machines, SLM and EBM are
more suitable for small- and medium-sized products, while DLD is attractive due to the
possibility of producing large-sized products [7,8].
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DLD is applicable to producing products from alloys based on iron, titanium, and
nickel, as well as composite materials or compositionally graded materials. The α + β

titanium alloy Ti-6Al-4V is widely used in aerospace applications, and much research has
been conducted on AM with this alloy. There are many works devoted to the study of the
structure and properties of additively manufactured Ti-6Al-4V in the building as well as
the post-processing state [9–12]. Heat treatments (HTs) are solved problems of structural
and phase inhomogeneity, residual stresses, and anisotropy. Hot isostatic pressing (HIP) of
deposited samples allows the removal of defects, such as pores and non-fusion [13].

The fundamental possibility of achieving high strength and fatigue properties of
model samples deposited from Ti-6Al-4V powder is shown in a number of works [14–18].
However, in most studies, the represented data for model samples have the form of plates,
which are far from real parts. For example, [19,20] presented an investigation regarding
the influence of product shape and thickness on other properties, and it was found that the
shape has a more significant effect on thin-walled samples than on thick-walled samples.
The overall dimensions of the samples also affected the properties: samples with a thick
wall had higher strength, which, according to the authors, is associated with the size and
morphology of the initial β-grain [21,22]. Thus, we can assume that the combination of
thin-walled and thick-walled elements in one part can lead to significant heterogeneity
of properties and structures throughout the product, which can negatively affect the
performance of the entire part.

In this particular case, this problem can be solved by careful and accurate selection of
modes, which requires a significant amount of work. On a global scale, the problem can be
solved by developing the optimal heat treatment parameters that, regardless of the initial
phase composition and grain size, the uniform structure and properties can provide.

This paper presents studies on the developing and selection of optimal heat treatment
modes that ensure the uniform formation of properties in the deposited compressor gas
turbine engine (GTE) blades of a Ti-6Al-4V after heat treatment, regardless of the initial
structure and properties. In this work, we investigated a wide range of HT temperatures
for laser deposited Ti-6Al-4V to establish the relationships between heating temperature
and the mechanical properties. The selected mode was tested for samples with different
initial microstructures and phase compositions.

2. Materials and Methods

All the compressor gas turbine engine blades investigated in this research were built
using the Ti-6Al-4V titanium alloy powder, with a fraction of 45–90 microns produced by
PREP (plasma rotating electrode process). Samples were produced by the robotic complex
developed at St. Petersburg State Marine University. The complex includes an LS-5 fiber
laser, an anthropomorphic robot, a 6 m3 protecting chamber, a two-axis positioner, a
powder feeder, and a control system. The path was generated in the Additive Control 1.0
program (ILWT, Saint Petersburg, Russia) using a 3D model of the blade. Figure 1a shows
the trajectory of the deposition of the blade. The technological parameters for a Ti-6Al-4V
alloy are presented in Table 1. The process of blade deposition and the final result are
shown in Figure 1b,c. The process was carried out in a chamber with an argon atmosphere,
and the oxygen level in the chamber was 2000 ppm.

Table 1. Technological parameters of the Ti-6Al-4V DLD process.

Power, W
Speed,
mm/s

Gas Consumption
L/min

Beam Diameter,
mm

Powder
Consumption, %

1500 30 15 2.8 35–40
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Figure 1. The blades of a gas turbine compressor; (a) the path generated in Additive Control; (b) the
process of blade deposition; (c) for a Ti-Al-4V deposited blade.

The effect of heat treatment on the structural change was studied on the 5 × 5 × 10 mm3

pieces, which were cut from the central part of the deposited blades. The optimal heat
treatment conditions for the Ti-6Al-4V titanium alloy were determined by varying the
furnace heating temperature and holding time. The temperature varied within the range of
600–950 ◦C. The hold time was 2 h.

An air atmosphere was chosen for heat treatment in an SNOL furnace, without
additional argon protection. This choice was made on the basis of preliminary studies
conducted by the authors of this article. It was shown that at a temperature HT of 900 ◦C
and a holding time of 4 h, the maximum thickness of the alpha case layer in Ti-6Al-4V,
which consists of TiO2 and a Ti (O) solid solution, does not exceed 200 μm (Figure 2a).

At temperatures above 600 ◦C, titanium actively interacts with oxygen, and forms a
solid solution of up to 10 at.% in α-Ti. The diffusion rate of oxygen atoms increases with
increasing temperature and holding time, but the formation of TiO2 oxide on the surface
decreases the diffusion rate. Thus, the effect of oxygen on the properties was insignificant
when we used intervals of temperatures and time considered in the article for Ti-6Al-4V
heat treatment. The assessment was based on hardness changes (Figure 2b).

Figure 2. The formation of an oxide layer in deposited Ti-6Al-4V during heat treatment in an air atmosphere; (a) an oxide
layer of Ti-6Al-4V after HT at 900 ◦C for 4 h; (b) the dependence of the oxide layer hardness of the holding temperature.

Plates with a size of 75 × 15 × 35 mm3 for mechanical tests were deposited in
accordance with the thermal cycles corresponding to blade deposition. For the definition of
the mechanical characteristics of deposited products, uniaxial tensile tests were performed.
Mechanical tests were performed on a universal testing machine, the Zwick/Roell Z250
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Allround series (Zwick/Roell, Ulm-Einsingen, Germany). The standard cylindrical samples
were cut from the printed parts according to geometry from the ASTM E8, with a gauge
diameter of 6.0 mm and a gauge length of 24.0 mm. The sample displacement was recorded
using an extensometer. The optical microscope DMI 5000 (Leica, Wetzlar, Germany) with
the Axalit software (Axalit, Moscow, Russia) was used for microstructural analysis. The
sample surfaces were polished with grit SiC papers up to 2500 grits, with further polishing
by an aluminum oxide suspension of 1 μm and final polishing with colloidal silica. As a
final step, the etching procedure was conducted. A solution of 93 mL of H2O + 2 mL of HF
+ 5 mL of HNO3 was applied to the polished sample surfaces for 40 s.

A Bruker Advance D8 diffractometer (Bruker, Billerica, USA) with CuKα radiation
(wavelength = 1.5418 Å) was used to perform the XRD analysis. The detector was a
LynxEye linear position-sensitive detector (PSD) with a capture angle of 3.2 degrees 2θ.
The cross-sectional surface of the samples was polished with a grit SiC paper of 2500 grits,
and, after etching, measured in the 2θ range of 30◦–60◦ with a step size of 0.05 and an
incremental time of 0.02.

Microhardness measurements were performed with an FM-310 microhardness tester
(Future Tech, Kawasaki, Japan). The sample surface for testing was polished with 500 and
2500 grit SiC abrasive papers. Microhardness was measured on the central part of the
deposited blades.

3. Results and Discussion

The recrystallization temperature range for the Ti-6Al-4V alloy was 850–950 ◦C. In-
cluding this, temperatures of 850, 900, and 950 ◦C were investigated for heat treatment
deposited samples. The pre-crystallization annealing modes were also used, since these
temperatures may be sufficient to relieve stresses and metastable phase decomposition.

At temperatures above 1000 ◦C, recrystallization and significant growth of alpha
plates occurs. This leads to a decrease in the mechanical properties for AM samples;
therefore, heat treatment above 1000 ◦C was not considered in this work [23]. The effect
of the cooling rate on the microstructure after heat treatment was also not considered,
since, in previous works, it was found that the cooling rate during HT does not have a
significant effect [24]. Due to the very fine martensite, the kinetics were completely different
compared to treatment of equiaxed or heavily deformed microstructures. Consequently,
the application of standard heat treatments shows that these treatments do not lead to the
usual or expected results [24].

Before 700 ◦C, a layer structure was still observed, which is typical for as-deposited
samples. Annealing for 2 h at a temperature of 700 ◦C led to the formation of new equiaxed
grain near the boundaries between the layers (suggesting that, in these areas, the greatest
deformation of the primary grain occurred). Thus, a shift in the temperature of the onset of
the recrystallization process was observed.

This may be due to a high level of initial grain deformation due to high internal stresses
(Figure 3a). Formation at the boundaries between the layers of secondary grains was also
observed upon a heating temperature of 800 ◦C and a holding time of 2 h (Figure 3b). As
the temperature rose to 900 ◦C, a more intense recrystallization process occurred, and the
formation of new equiaxed grains occurred not only at the boundaries between the layers,
but also inside the layer (Figure 3c,d). From the deformed grains, the growth of secondary
under-formed grains was observed. With increasing holding time, the size of the secondary
grains increased at 800–900 ◦C. Inside the grain, the morphology of the α-plates changed.
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Figure 3. Microstructure of deposited Ti-6Al-4V samples after heat treatment (50× magnification):
(a) 700 ◦C, (b) 850 ◦C, (c) 900 ◦C, 2 h, (d) 950 ◦C, 2 h.

The temperature of 950 ◦C was the boundary of the end of the recrystallization process
(for α + β titanium alloys produced by conventional methods [25]). At this temperature, a
morphology of the α and β plates inside the grain changed (Figure 3a). In addition, due to
the closer temperature of the allotropic transformation, partial recrystallization occurred
due to the transition from the low-temperature α to the high-temperature β-phase, and
vice versa, upon cooling in the air. The anisotropy of the alloy decreased because of the
change in grain size.

In the process of heating to 600 and 650 ◦C and holding for 2 h, only residual stresses
were removed, there were no visible structural changes, and the form of the α/α’ phase
was the same, with a characteristic needle structure. The absence of the α’ decomposi-
tion was also evidenced by the high hardness of the samples similar to the initial state.
Due to the diffusion process, increasing to a temperature to 700 ◦C led to the decompo-
sition of the metastable phase, and a thickness increase of the α phase lamellae began
(Figure 3a). The morphology also changed slightly; the needle structure was replaced by a
lamellar structure.

A heat treatment temperature of 800 ◦C with a holding time of 2 h led to the secondary
α phase, which began to form along the grain boundaries, and the needles transformed
into the plates (Figure 3b). There were both long and short plates located perpendicular to
each other, as well as in separate packages of parallel plates.

During heat treatment with a temperature of 850 ◦C for 2 h, the secondary α phase
was formed, and the metastable α’ phase was decomposed with the formation of stable
composition a + β phases. The width plates increased, and the amount of secondary α

increased as well (Figure 3c). At a temperature of 900 ◦C and a holding time of 2 h, the
structural components grew. At an annealing temperature of 950 ◦C, partial recrystalliza-
tion occurred due to allotropic transformation, and a structure of the “basket weaving”
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type was formed. The thickness of the plates increased significantly in comparison with
the annealing temperature of 850 ◦C.

At low annealing temperatures (below 600 ◦C), the decomposition of a’ was incom-
plete, as is shown by the low value of the hardness.

 

Figure 4. Experimental microhardness measurements for different α-lath thickness values; the tendency line was plotted
using polynomial regression analyses (a); experimental data of α-lath thickness versus an aging time graph for different
temperatures (b); typical stress–strain curves of DLD with the Ti-6Al-4V alloy performed with different HT modes (c).

3.1. Heat Treatment Temperature Effect on Mechanical Properties

Mechanical test results are presented in Table 2. It can be seen that temperature and
time increasing led to YS reduction. On the contrary, an increase in elongation occurred up
to a temperature of 900 ◦C; above this temperature, with a holding time of 2 h, a decrease
in the relative elongation occurred. H. Galarraga et al. presented the influence of heat
treatment by using different modes that consisted of several stages of electron beam-melted
Ti-6Al-4V. However, for DLD, it is possible to obtain high mechanical properties using a
one-stage heat treatment [12].

Table 2. The results of mechanical testing of deposited Ti-6Al-4V cylindrical samples with different
HT modes.

HT Yield Strength, MPa Tensile Strength, MPa Elongation, %

as-deposited 1082 1135 5.3
700 ◦C/AC/2 h 1019 1100 8.27
850 ◦C/AC/2 h 963 1055 12.2
900 ◦C/AC/2 h 925 1026 14.2
950 ◦C/AC/2 h 903.2 990.7 13
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The graph of Figure 4a shows the dependence of the plates’ α/α’ thickness on temper-
ature and holding time during heat treatment. As expected, an increase in the temperature
and holding time led to an increase in the structure components size for the Ti-6Al-4V
alloy. In addition, since, at a holding temperature of 600 ◦C, the hardness does not change
and corresponds to the as-deposition state, the initial phase composition α + α’ + β was
probably retained. At temperatures of 700–750 ◦C, even when the holding time was 4 h,
only a partial transition of α’ to equilibrium α + β occurred. Starting from temperatures of
800 ◦C, a more intense decomposition was observed, and above 850 ◦C, the growth of the
structural components already had a prevailing effect on microhardness.

Based on the experimental data, the Hall–Petch relationship was plotted for the
deposited titanium alloy Ti-6Al-4V using polynomial regression analyses that corresponded
to the data presented in [12].

The microhardness gradually decreased with an increase in the α phase plate size
(Figure 4a). The microhardness measurement confirmed the decomposition of the metastable
α’ phase, beginning at the temperature of 700 ◦C. A further decrease in hardness with
increasing temperature and holding time was associated with an increase of α lamellae
size (Figure 4). The Hall–Petch relationship can also be observed for temperature and
time variation in Figure 4b. The results of the α lath thickness measurement for all the
aging temperatures and times are plotted in Figure 4b. The graph shows that α lath size
grew with temperature and time. The lamellae coarsening increased with temperature.
The results for various temperatures correlated with the data obtained for the SLM-ed
Ti-6Al-4V alloy [26].

Analysis of the fracture surface showed that an increase in the HT temperature led to
a facet size increase, which also corresponded to an increase in ductility and a decrease in
tensile strength. Heat treatment at a temperature of 700 ◦C did not significantly affect the
change in the structure; the fracture of this sample was more similar to the fracture of the
as-deposited samples, also characterized by inter-crystalline fracture (Figure 5a,b,e,f). The
use of heat treatment temperatures above 800 ◦C led to a partial or complete decomposition
of metastable structures. Above 900 ◦C, the growth of structural components occurred,
which also affected the facet size on the fracture surface (Figure 5c,d,g,h).

 

Figure 5. Fracture surface of as-deposited Ti-6Al-4V tensile samples performed in the horizontal direction (x-axis) for
(a,e) as-deposited; (b,f) HT = 700 ◦C; (c,g) HT = 850 ◦C; and (d,h) HT = 900 ◦C.
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A comparative analysis of the diffraction patterns of the as-deposited sample and
after heat treatment using different temperatures allowed the determination of the features
of the change in the intensity phases’ diffraction lines. As-deposited samples had a slight
shift of lines that, as noted previously, indicated the formation of a metastable α’ phase due
to dissolving more alloying elements in its lattice, which explained the shift [27] (Figure 6).
The metastable α’ was partially present in the Ti-6Al-4V up to 900 ◦C, and diffraction
peaks of the α phase had some shifts. Complete α’ phase decomposition was observed
above 900 ◦C. As-deposited XRD-patterns also had peak broadening that indicated internal
stresses. After heat treatment, the internal stress level decreased, and the peak shape
became narrower. This corresponded to the data presented in the work of T. Ungar [28].
In addition, a change of (101)α and (200)α intensity could be traced. Shunyu Liu et al.
associated the intensity of alpha planes variation with decomposition of martensite and
the preferred grain orientation changing [29]. Moreover, corresponding with optical
micrograps, Figure 4 shows that the growth of structural components is observed with
increasing HT temperature. The increasing of alpha plates also influenced peak intensity.

The diffraction line intensity of the β-phase increase for deposited Ti-6Al-4V samples
after heat treatment. In addition, for all heat treatments, the β-phase diffraction lines were
broadened. Based on this, it can be concluded that the β-phase had some inhomogeneity
in composition and stress level, which was typical for the phase in which decomposition
occurred. The position of the β-phase lines was not constant, and indicate a slightly
different degree of decomposition depending on the holding temperature. This was
especially pronounced on the sample after heat treatment with a holding temperature of
850 ◦C. This indicated that at a given temperature, the holding time of 2 h was not enough
to complete the phase transition processes.

 
Figure 6. XRD patterns of as-deposited Ti-6Al-4V alloy and after heat treatment.

3.2. Heat Treatment of Depositede Ti-6Al-4V with Different Structures

In the deposit samples, depending on thermal cycles, heating and cooling rates, and
modes parameters, different types of structures typical for Ti-6Al-4V can be observed. For
different types of structures, there can be different ratios of phases: α + β, α + β, and α + α’
+ β. The size, distance from the substrate, and the thermal cycle, as previously indicated
for various AM technologies of Ti-6Al-4V, had a significant effect on the final structure,
phase composition, and the distribution of alloying elements. [30,31].

To study the effect of the selected heat treatment mode on three types of initial Ti-6Al-
4V structures, samples deposited under different conditions were tested (Table 3). Changes
in microstructure and properties depending on conditions have been shown in previous
work [32]. It was shown that higher cooling rates were observed at the bottom of the blade
near the substrate, which led to the partial or full α’ formation. Above the 40th layer, heat
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accumulated and an equilibrium structure α + β was formed. In accordance with the above,
the selected heat treatment mode was tested on three samples to show good applicability,
regardless of the initial structure (Figure 7, Table 3).

Samples with nonuniform structure have different mechanical properties (Table 4).
The heat treatment parameters must be selected in such a way that the properties in the
initial state do not decrease if they have the required level comparable to the mechanical
properties of this alloy in the rolled condition, but, at the same time, so that they can be
improved if the required level is not achieved.

Table 3. Samples for testing selected heat treatment mode.

Name Phase Composition Deposited Blade Part

Sample 1 A + α’ Near substrate
Sample 2 α + β Until 40th layer
Sample 3 A + α’ + β After 40th layer

 

Figure 7. Microstructure of deposited Ti-6Al-4V with different initial structure (a) sample 1 (α + α’),
(b) sample 2(α + β), and (c) sample 3(α + α’ + β).

Table 4. Mechanical properties of samples deposited with different thermal cycles before and after HT.

№ of Sample Yield Strength, MPa Tensile Strength, MPa Elongation, % Microhardness HV0.03

sample 1 1082 1135 5.3 385 ± 7.98
sample 1 + HT 888 951 9.7 345 ± 8.61

sample 2 983 1047 10.3 354 ± 5.15
sample 2 + HT 899 960 10,4 339 ± 8.28

sample 3 931 999 5.8 360 ± 6.69
sample 3 + HT 895 958 10.0 341 ± 5.89

The Table 3 shows that heat treatment led to a similar plasticity level for deposited
Ti-6Al-4V samples after HT, although, before there was a significant difference in properties,
which was most likely associated with the ratio of equilibrium and non-equilibrium phases
in the alloy.

4. Conclusions

During a direct laser deposition process from a Ti-6Al-4V powder alloy of aviation
parts, which have variable geometric dimensions of the sections due to the thermal cycle’s
changes, a non-uniform structure can form that decreases the mechanical properties. As
a result, the mechanical properties of the part become heterogeneous, which can lead to
premature failure during deposition or decrease working properties. In this paper, the
optimal heat treatment mode is selected, which, regardless of the structure, gives a good
result and evens out the mechanical properties in the part.

(a) The stabilization of the a’ phase had a strong influence on its decomposition and
grain growth during subsequent heat treatment. Lamellae size showed some relation with
heating temperature, illustrating the significance of the initial microstructure and heating
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temperature applied in post-DLD heat treatment. Above the heating temperature 850 ◦C,
α lamella width growth became more intensive (>2.5 μm).

(b) The metastable α’ is partially present in the Ti-6Al-4V up to 900 ◦C. Complete α’
phase decomposition is observed above 900 ◦C. XRD results show that the β phase also has
some inhomogeneity in composition and stress level that is typical for the phase in which
decomposition occurs. Full-phase transformation for DLD-ed Ti-6Al-4V alloy when the
temperature of heat treatment is above 900 ◦C occurs.

(c) An elongation increase an decrease in the tensile strength occurs with a growth in
the holding temperature from 700 ◦C (σt = 1100 MPa, el = 8.27%) to 900 ◦C (σt = 1026 MPa,
el = 14.2%). Above 900 ◦C, a decrease in elongation begins with a simultaneous decrease
of tensile strength (σt = 990 MPa, el = 13% for 950 ◦C) that is associated with an increase
in the α lamellae and beta grain size. The results for all properties are well above ASTM
standards for forged (ASTM F1472) and cast Ti6-Al-4V (ASTM F1108).

The best mechanical characteristics of laser-deposited Ti-6Al-4V are ensured by an HT
with a temperature of 900 ◦C and a holding time of 2 h. The selected HT parameters allow
the homogeneity of properties and microstructure in DLD-ed Ti-6Al-4V parts with variable
thickness and complexity, particularly in deposited GTA blades.
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Abstract: The urgency of heat treatment of samples of maraging steel obtained by direct laser
deposition from steel powder 06Cr15Ni4CuMo is considered. The structural features and properties
of 06Cr15Ni4CuMo steel samples after direct laser deposition and heat treatment are studied. The work
is devoted to research into the influence of thermal processing on the formation of structure and the
mechanical properties of deposit samples. Features of formation of microstructural components by
means of optical microscopy are investigated. Tests for tension and impact toughness are conducted.
As a result, it was established that the material obtained by the direct laser deposition method in
its initial state significantly exceeds the strength characteristics of heat treatment castings of similar
chemical composition, but is inferior to it in terms of impact toughness and relative elongation.
The increase in relative elongation and impact toughness up to the level of cast material in the deposit
samples is achieved at the subsequent heat treatment, which leads to the formation of the structure of
tempered martensite and reduction in its content at two-stage tempering in the structure of the metal.
The strength of the material is also reduced to the level of cast metal.

Keywords: direct laser deposition (DLD); direct metal deposition; additive manufacturing
(AM); corrosion resistant steel; heat treatment (HT); maraging steel; microstructure;
mechanical characteristics

1. Introduction

Currently, to increase the competitiveness of shipyards for the manufacture of parts of marine
engineering, new high-tech technologies are used. Additive manufacturing methods are increasingly
being used, including direct laser deposition technology (DLD). In the DLD process it is possible to
obtain parts, including from shipbuilding steels used in the Arctic. Iron and its modified alloys are the
most important class of metallic materials used in shipbuilding. Different grades of stainless steels
can be treated as a part of traditional manufacturing techniques such as casting, machining, powder
metallurgy and welding, including any combination of those. [1,2].

As a result of the research on estimation of material characteristics in 1980, this has been developed
and mastered in the industry of martensitic–austenitic stainless steel (CA6NM—06Cr15Ni4CuMo)
for manufacturing compressors [3], propeller blade [4–7], castings of blades, components of chemical
and oil industry and other cast details of responsible purpose, and now for the manufacture of large
castings for a propeller blade of blades and hub steel of 06Cr15Ni4CuMo. Currently, it is relevant to
obtain parts and blanks for industrial production of this steel by the DLD method.
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With the development of modern production technologies, it has become possible to manufacture
parts from virtually any metal powder using additive technologies (AM). AM is characterized by quick
fabrication and economical spending of expensive materials. Direct laser deposition (DLD) methods
are of special interest when large workpieces need to be made using AM. The DLD technology makes
it possible to fabricate large parts from stainless and cold-resistant steels [8–12]. The features of the
DLD process include high temperature gradients, and repeated fast heating and fast cooling that cause
residual strains and form heterogeneities in the microstructure. Microstructural features, such as grain
size and morphology (as well as phase transitions), are very sensitive to the dynamic thermal history
and they directly influence the microhardness, tear strength and modulus of resilience [13–18].

The mechanical properties of alloys obtained using DLD depend on their structure-phase
states. For steels, an important role is played by the content of laminar low-carbon martensite (α′)
microstructure and the presence of other phases, such as delta ferrite (δ), austenite (γ) and chromium
carbides. It is known that the austenite phase is preserved in the tempering process and/or it is
restored as a result of the treatment of quenched material. The secondary phase of ferrite in the alloy is
δ-ferrite, which forms at very high temperatures during hardening in the course of casting or the DLD
process [19].

To achieve high mechanical characteristics for martensite stainless steel, heat treatment (HT)
is normally used. However, the microstructure of alloys obtained using DLD is close to a cast
structure and is anisotropic. Such materials are characterized by low plasticity and modulus of
resilience [20–22]. Here, the material’s inner structure is particularly influenced by cyclic heating
during DLD due to layer-by-layer metal deposition [23–25]. During the fabrication process, the work
piece is tempered. While classical casting and welding envisages a full HT cycle (quenching and
tempering), parts fabricated by deposition require the development of ad-hoc HT that is different from
the classical one [26,27]. The influence of these effects on the structural characteristics and mechanical
properties needs research, specifically the presence of residual austenite γ, non-quenched martensite
α′, and delta ferrite δ. These factors govern the final properties of the manufactured parts.

The goal of the research work was to grow a plate of 06Cr15Ni4CuMo steel and further reveal the
patterns of microstructure formation and mechanical properties after high tempering and determine
the maintenance regime providing the required level of ductility of steel not inferior to casting.

2. Materials and Methods

2.1. Materials

We have chosen 06Cr15Ni4CuMo (an analog of CA6NM) for the material. The starting material is
06Cr15Ni4CuMo fraction 45–160 μm Figure 1 is the producer of the “Polema” powder. The chemical
composition of the steel is provided in Table 1.

The impact bending tests of the 06Cr15Ni4CuMo steel were conducted on an RKP 450 (Zwick/Roell,
Ulm, Germany) unit at −10 ◦C, with impact energy 150 J and tensile tests were performed on a Z100
(Zwick/Roell, Ulm, Germany) unit at room temperature. Samples made under mechanical tensile
testing GOST 1497-84 (RU) and impact testing GOST 6996-66 (RU).

To show the structure, we used chemical etching with Kalling’s reagent in a solution (33 mL HCl
+ 33 mL of ethanol + 33 mL of H2O + 1.5 g of CuCl2) over 30–60 s.

The deposited cladding layers were visually examined and instrumentally measured; then,
they were investigated by optical microscopy on the DMI 500 Leica (Leica Microsystems, Wetzlar,
Germany) microscopes using Thixomet (Thixomet, St.-Petersburg, Russia).
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Figure 1. Surface of powder particles 06Cr15Ni4CuMo.

Table 1. The chemical composition of the steel.

Material Grade
Elements Mass Ratio, %

C Si Mn Cr Ni Mo S P Fe Cu

06Cr15Ni4CuMo ≤0.06 0.40 0.60–0.90 14.0–15.5 4.0–4.4 0.11–0.28 0.015 0.015 Bal. 1.0–1.5

2.2. Fabrication of Samples Using DLD and Their Heat Treatment

We used the following equipment: a robotic complex based on an LRM-200iD_7L (Fanuc, Oshino,
Japan) industrial robot; fiber laser based on a LS-3 Yb (IRE Polus Ltd., Fryazino, Moscow Region,
Russia) unit; an FLW D30 (IPG Photonics, Oxford, UK) laser deposition head with a detachable SO12
(Fraunhofer IWS, Aachen, Germany) deposition nozzle and a Twin 10C (Sulzer Metco Inc., New York,
NY, USA) powder feeder. A shielding gas atmosphere was used for deposition: an air-proof chamber
filled with argon at an excess pressure of 2–3 MPa. In the argon-filled chamber the content of oxygen
was not more than 300 ppm. Manufacturing of samples by DLD method was carried out at power
P = 2300 W, speed V = 25 mm/s and cross section of depositing bead 2 × 0.8 mm2 powder flow rate
G = 35 g/min, displacement along the Δx = 1.6 mm, and Δz = 0.7 mm. Five blocks (1 in the initial state
and 4 per HT) with LxWxH dimensions 130 × 80 × 16 mm in Figure 2 were deposit simultaneously: a
layer was applied alternately to each of the samples, after that the transition to the next layer took place.

Figure 2. The scheme of cutting samples for mechanical testing.

DLD was carried out in a shielding chamber with controllable atmosphere. High purity argon was
used as a transport and protective gas. Overpressure of 2–3 Mbar was maintained in the deposition
chamber. The residual oxygen content in the working atmosphere did not exceed 300 ppm. The porosity
in the grown plates did not exceed 2% of the total volume of the deposit sample.

The heat treatment was performed in a SNOL 30/1300 muffle furnace without, shielding gas.
The heating rate was 200 ◦C per hour with subsequent exposure and cooling as shown in Figure 3.
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Cooling rate of samples after high-temperature tempering was 50 ◦C per hour and then air cooling
was 150 ◦C.

 

Figure 3. The heat treatment of the samples fabricated by deposition.

3. Results

In the course of parts fabrication from martensite grade steels using DLD, forced process thermal
cycling is taking place due to extensive heat deposition. Heat deposition then impacts the presence of
retained austenite and δ-ferrite [28] in the structure of the samples fabricated by DLD. Residual austenite
can have a negative effect on hardness and toughness.

In the course of tempering during subsequent cooling, metal plasticity deteriorates, and this is due
to the formation of secondary martensite as a result of conversion of residual austenite. That is why it
makes sense to conduct a second tempering of secondary martensite. This promotes an increase in the
metal’s relative elongation, creating a finer structure as a result of the decomposition of secondary
martensite and the formation of quenched martensite.

Cast metal needs HT for quenching and dual subsequent tempering. During DLD, however,
forced thermal cycling is taking place. This strengthens the samples, so we only need to conduct dual
tempering to achieve the desired results. Based on the mentioned data from the literature and the
results of experimental studies of the steel’s characteristics, we have found HT modes for the samples.
These modes envisaged high-temperature tempering that would provide the best combination of
mechanical properties: high strength, elongation, and impact strength [27].

After DLD the steel has high strength characteristics and low plasticity. To achieve the required
mechanical properties for the steel, we have selected several HT modes, as shown in Table 2.

Different δ-morphologies were clearly revealed after etching the fabricated sample, Figure 4a.
These morphologies are created by the incomplete growth of Widmanstetten γ-grains during the
solid-state δ→γ phase transformation, Figure 4b. Here, incomplete growth results in residual δ stringer
inclusions being left at the borders [4]. These inclusions outline the growth front that resembles
the initial orientation of the ex- Widmanstett patterns in the final microstructure. During further
cooling, γ-austenite converts into α′-martensite, but some amount of δ-delta-ferrite remains in the
final microstructure, as shown in Figure 4a. Afterwards, the fabrication δ-delta-ferrite was discovered
in the samples, and its content did not exceed 5%.
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Table 2. Mechanical properties for heat treatment (HT) modes.

P (W) V (mm/s)
Yield Strength,

σв, (MPa)
Ultimate Strength,

σ0.2, (MPa)
Relative Elongation,

δs, (%)
Impact Toughness,

KV−10, (J)

Technical
specifications N/A N/A ≥790 ≥620 ≥19 ≥40

DLD 2300 25 1088 792 8 17

b/Т = 750 ◦C, t = 2 h

Mode 1 1840 20 1114 798 7.5 16

c/Т = 650 ◦C, t = 2 h

Mode 2 1840 20 863 530 15 39

d/Т = 650 ◦C, t = 4 h

Mode 3 2300 25 891.7 587.2 12 29

e/Т = 620 ◦C, t = 2 h

Mode 4 2300 20 816.4 698.3 16 42

f/Т = 620 ◦C, t = 2 h/x2 the cycle is repeated twice

Mode 5 2300 20 804.4 666.8 19 42

(a) (b) 

(c) (d) 

Figure 4. Cont.
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(e) (f) 

Figure 4. The microstructure of 06Cr15Ni4CuMo (a) DLD; (b) mode 1 (Т = 750 ◦C, t = 2 h); (c) mode 2
(Т = 650 ◦C, t = 2 h); (d) mode 3 (Т = 650 ◦C, t = 4 h); (e) mode 4 (Т = 620 ◦C, t = 2 h); (f) mode 5
(Т = 620 ◦C, t = 2 h/x2).

At such high temperatures, δ-grains are growing rapidly during heating. Then, during the cooling
process, they convert into a γ-phase with subsequent transition into a α′ structure. In Figure 4b,
after a single iteration of high-temperature tempering, some amount of γ-austenite (as well as M7C3

chromium carbides) is still observed.
Figure 4c,d shows some amount of non-converted α′-martensite that is an unstable microstructure

in the α matrix. It promotes the formation of carbides, interlayer boundaries at large angles and a
γ-phase.

Figure 4e,f includes a structure after high-temperature tempering that is represented by quenched
lath α′-martensite with fine particles of residual austenite. The particles are located between martensite
laths and at the boundaries of martensite batches with large inclusions of δ-ferrite in the matrix basis.

The best mechanical properties were achieved at dual tempering at Т = 620 ◦C, t = 2 h/x2 the cycle
is repeated twice Figure 4. This mode complies with the technical specifications for this steel grade
while having slightly lower plasticity characteristics.

Figure 5 shows the distribution of microhardness single weld bed and their arrangement for
different HT modes and a thermokinetic diagram for Fe-Cr-Ni.

The average microhardness in the fabricated sample tempered at 750 ◦C, Figure 5b, was 355 HV.
Tempering at 750 ◦C was chosen because of the phase transition into the γ-austenity area that preceded
the dissolution of existing chromium carbides in the fabricated sample (i.e., M23C6/M7C3). Thus,
it increased the concentration of carbon in the martensite matrix at room temperature.

With temperature reduction to 650 ◦C it was possible to decrease the hardness to 280 HV
with an exposure time of 2 h, and an exposure time of 4 h was required to decrease it to 301 HV.
At high-temperature tempering at Т = 620 ◦C with an exposure time of 2 h, the microhardness was
260 HV, and it was 273 HV after the second tempering.
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(a) (b) 

Figure 5. (a) microhardness; (b) the Fe–Cr–Ni equilibrium phase diagram [29].

4. Discussion

It is established that the DLD process is the fastest and most convenient for creating parts. After the
process, it is necessary to produce high tempering to achieve all the necessary mechanical properties.
Samples obtained by the DLD method are not inferior in characteristics to casting, and in some cases
are most in demand.

Thus, we can conclude that the propeller with an optimized structure has reliability characteristics
close to the original solid version. We showed the manufacturing of hub and blades via DLD and
built-up propeller before and after CNC-machining and manual polishing. After all producing stages,
the propeller was weighted. The weight test showed that the mass is finished product is 105 kg. This is
20% less than the original cast design. A more detailed description of design analysis, optimization
procedure and production process is presented in [30].

5. Conclusions

The DLD process of 06Cr15Ni4CuMo steel achieves a high strength due to the forced thermal
cycling process at low impact toughness and relative elongation. In order to eliminate the imbalance of
the complex of mechanical properties, HT is proposed.

According to the results of a comparison of mechanical properties, it was established that the
lowest structural matrices are tempered by fine martensite with a low level of residual austenite
and δ-ferrite. Based on the analysis of the relationship between HT, mechanical properties and
06Cr15Ni4CuMo steel structure, the most suitable heat treatment mode for deposit samples was
established, consisting of a double HT at Т = 620 ◦C, t = 2 h/x2; the cycle is repeated twice, in which a
finely dispersed structure of tempered rack martensite is formed, providing a set of properties equal to
the material obtained by casting.
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Abstract: In the present work, the mechanical properties of the DLD-processed Ti-6Al-4V alloy were
obtained by tensile tests performed at different temperatures, ranging from 20 ◦C to 800 ◦C. Thereby,
the process conditions were close to the conditions used to produce large-sized structures using the
DLD method, resulting in specimens having the same initial martensitic microstructure. According
to the obtained stress curves, the yield strength decreases gradually by 40% when the temperature is
increased to 500 ◦C. Similar behavior is observed for the tensile strength. However, further heating
above 500 ◦C leads to a significant increase in the softening rate. It was found that the DLD-processed
Ti-6Al-4V alloy had a Young’s modulus with higher thermal stability than conventionally processed
alloys. At 500 ◦C, the Young’s modulus of the DLD alloy was 46% higher than that of the wrought
alloy. The influence of the thermal history on the stress relaxation for the cases where 500 ◦C and
700 ◦C were the maximum temperatures was studied. It was revealed that stress relaxation processes
are decisive for the formation of residual stresses at temperatures above 700 ◦C, which is especially
important for small-sized parts produced by the DLD method. The coefficient of thermal expansion
was investigated up to 1050 ◦C.

Keywords: direct laser deposition; Ti-6Al-4V; mechanical properties; microstructure; stress relaxation;
elevated temperatures

1. Introduction

Direct Laser Deposition (DLD) is one of the most widely utilized additive manufac-
turing (AM) technologies for the production of Ti-6Al-4V alloy parts. The uneven local
heating of the buildup during DLD leads to significant stresses and distortion that affect
the service properties and the shape of the final parts [1–3]. In the last, decade numer-
ous models have been proposed for the simulation of these phenomena [4–6]. Thereby,
the temperature dependence of the mechanical properties is a major factor influencing
the accuracy of the simulation other than the assumptions of the mathematical model.
Nowadays, it is a common practice to use the material properties of wrought Ti-6Al-4V
alloys for the simulation of the DLD process. Mukherjee et al. [7] conducted a thermo-
mechanical simulation of a DLD-processed Ti-6Al-4V-alloy by considering the material
properties as being temperature dependent in the temperature range between 20 ◦C and
1600 ◦C. In their study, a combination of material properties derived from the fully lamellar
wrought alloy [8] and the Ti-6Al-4V metal matrix composite [9] was used rather than the
properties of the DLD-processed Ti-6Al-4V alloy. Denlinger and Michaleris [10] found a
significant difference between the numerically predicted and experimentally measured
distortion when using the mechanical properties of the wrought Ti-6Al-4V. Lu et al. [11]
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revealed significant scattering of the available data on the mechanical properties of the
wrought Ti-6Al-4V alloy at elevated temperatures. Furthermore, a sensitivity analysis of
the mechanical properties of Ti-6Al-4V showed that the distortion and the residual stresses
strongly depend on the thermal expansion coefficient and less on the Young’s modulus
and the elastic limit. They concluded that for the numerical analysis of the AM process, it
is mandatory to use material properties that are specific to the particular manufacturing
process. The present study is intended to fill the gap in the lack of data on the temperature
dependence of the mechanical properties of DLD-processed Ti-6Al-4V alloys.

The poor mechanical properties of a commercially pure titanium hinder its application
as a structural material. However, critical parts that require high strength and ductility,
corrosion resistance in aggressive environments, heat resistance, etc., are made of titanium
alloys. The Ti-6Al-4V alloy used in this study is a two-phase (α + β) alloy. Recognized as
the most popular titanium alloy, Ti-6Al-4V occupies almost a half of the market share of tita-
nium products used in the world today. The proportion of Al and V results in the material
having attractive mechanical properties. Ti-6Al-4V contains 6 wt% Al, which stabilizes the
α-phase of the hexagonal close-packed structure and 4 wt% V, which stabilizes the β-phase
of the body-centered cubic structure. The two phases have different properties due to
their structures, with α exhibiting greater strength yet lower ductility and formability [12].
The aluminum in the alloy increases the strength and heat-resistant properties, whereby
vanadium increases not only the strength properties but also increases the ductility. It
is well-known that two-phase titanium alloys have a lower sensitivity to hydrogen, e.g.,
hydrogen-induced cold cracking, compared to pseudo-α-alloys. Furthermore, they have
good manufacturability and a relatively low tendency to undergo salt corrosion [13–15].
Titanium alloys have a good castability due to the short solidification interval of less than
50–70 ◦C [15,16]. Hereby, the chemical composition of the Ti-6Al-4V alloy utilized in casting
does not differ from that of the wrought alloy [17]. The Ti-6Al-4V alloy utilized in additive
manufacturing only has a slight difference in the content of carbon impurities from the
wrought alloy [18].

It is a well-known fact that the mechanical and service properties of the alloy are
determined by the microstructure. The high ductility and cyclic strength correspond to
an equiaxed fine grain microstructure. On the other hand, the lamellar microstructure
has a high fracture toughness and greater crack propagation resistance. Therefore, it can
be said that the bimodal (duplex) microstructure offers an optimal combination of the
mechanical properties of the wrought Ti-6Al-4V alloy. The control and optimization of the
morphology of the α phase is one of the important issues in terms of the use of the alloy.
Thermomechanical processing is a very useful method for improving the microstructure,
e.g., controlling the size and the aspect ratio of the α lamellar phase, optimizing the phase
ratio of the α to β phases, and controlling the morphology of the β phase [19,20]. The
microstructure of the Ti-6Al-4V alloy obtained by direct laser deposition (DLD) depends
strongly on the heat input and the inter-pass temperature [1,21], the variation of which
results in a wide range of obtained mechanical properties. It is worth noting that the
ductility of a DLD-processed alloy can fall to near zero, whereas the strength properties
remain comparable to those of the wrought alloy [22].

The effect of the microstructure on the short-term strength of the Ti-6Al-4V alloy at
elevated temperatures is similar to its effect on its strength at room temperature. The best
combination of ductility, fracture toughness, heat resistance, and endurance is found in
alloys with a 70–80% lamellar microstructure [15]. In [23], it was found that alloys with
basket-weave microstructures exhibit the most obvious work hardening behavior and the
highest strength during hot tensile deformation by temperatures of about 800 ◦C. The best
ductility corresponds to alloys with an equiaxed microstructure. According to [24], the
alloy with initial equiaxed microstructures also showed the highest ductility during tensile
testing in the temperature range of 20–600 ◦C, while the material with initial full martensite
microstructure showed better thermal strength. A critical analysis of the literature showed
a significant spread in the experimental data of the short-term strength of the wrought alloy
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at elevated temperatures, as can be seen from Figure 1 [7,10,25–33]. This can be explained
by the variation in the test conditions, the initial microstructure of the specimens, and the
loading parameters.

Figure 1. Temperature dependence of the (a) yield stress and (b) Young’s modulus according to [7,10,25–33].

It should be noted that there is practically no data available on the properties of
additively manufactured Ti-6Al-4V alloy at elevated temperatures. In [34], an electron
beam melting (EBM)-processed material showed a lower flow stress than the wrought alloy
during a compression test in the temperature range of 1000–1200 ◦C. This can be attributed
to the larger prior β-grain size and thickness of the α-plates in the EBM-processed alloy.
In [35], the flow stress curves of the selective laser melting (SLM)- and direct energy
deposition (DED)-processed and wrought alloys were compared in a compression test
for temperatures ranging from 850 ◦C to 1100 ◦C. It was found that the presence of a
percolating β-phase during the decomposition of martensite seems to be the reason for the
reduced flow stress of the additively manufactured material compared to conventional
wrought material with a lamellar microstructure. DED and SLM materials show a faster
transformation to a globular microstructure compared to conventional wrought material.
The temperature dependence of the tensile strength of the SLM-processed Ti-6Al-4V alloy
in the temperature range between 20 ◦C and 550 ◦C was studied in [36]. SLM-processed Ti-
6Al-4V alloy showed excellent ultimate tensile strength below 500 ◦C, which was 100 MPa
higher than a solution-treated and aged Ti-6Al-4V alloy and 300 MPa higher than an
annealed Ti-6Al-4V alloy. The effect of the strain rate and temperature on the mechanical
properties of the DLD-processed alloy with a Widmanstätten microstructure was studied
in [37], using a compression and tension test. However, the study lacks a description
of the thermal history during the fabrication of the specimens. The presence of defects
such as pores and a lack of fusion had a significant impact on the obtained results. The
study presented in [38] compares the mechanical properties of a wrought alloy and a SLM-
processed alloy in a compression test utilizing strain rates of 0.001–1 s−1 in the temperature
range of 20–1000 ◦C. Both publications revealed that the anisotropy of the mechanical
properties of the Ti-6Al-4V alloy obtained by various AM methods is insignificant.

The review presented above shows that most of the available material data for addi-
tively manufactured Ti-6Al-4V alloy are limited to the study of flow stresses at different
strain rates in compression tests above 700 ◦C. These data are important for determining the
parameters of the hot forging or stamping processes but are insufficient for the numerical
simulation of stresses and distortion induced by the DLD. It should be noted that to the
best of the authors knowledge, none of the publications contain data on the temperature
dependence of the Young’s modulus of the Ti-6Al-4V alloy obtained with AM methods.
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Moreover, the majority of studies are devoted to the investigation of the material properties
of SLM-processed alloys, which differ from those of the DLD-processed alloys.

In the present paper, the mechanical properties of a DLD-processed Ti-6Al-4V al-
loy were obtained through a tensile test performed for different temperatures ranging
from 20 ◦C to 800 ◦C. The conditions used to obtain the test specimens were close to the
conditions used in the manufacturing of large-sized structures by the DLD method. The
influence of the thermal history on the stress relaxation for the case of 500 ◦C and 700 ◦C
maximum temperatures was revealed. In addition, the temperature dependence of the
coefficient of thermal expansion was obtained. The influence of the initial microstructure
of the samples on the deformation and fractures at elevated temperatures was as well
analyzed. An approximation of the measured tensile curves for given temperatures using
a proposed fitting function was obtained and used to describe the hardening behavior
during plastic deformation.

2. Materials and Methods

2.1. Specimens

Almost all of data published on the mechanical properties of the DLD-processed
Ti-6Al-4V alloy refer to samples obtained without or with very short dwell time between
the deposited layers, leading to a significant overheating of the buildup. Therefore, in
the present study, the tensile samples were machined from buildups with an inter-pass
temperature in the range of 60–80 ◦C, which is typical for large-sized components. Note
that the interpass temperature was controlled with type K thermocouples with a diameter
of 0.5 mm. The DLD process parameters were as follows: a beam power of 1900 W; a beam
diameter of 2.5 mm; a process speed of 20 mm s−1; a powder flow rate of 10.5 g min−1; and
a gas flow rate of 25 L min−1. The specimens were made using an in-house robotic DLD
machine that was developed at the St. Petersburg State Marine Technical University in St.
Petersburg, Russia. The machine included a Fanuc 6500 5-axis industrial robot, a rotary
table, and a processing head with a discrete coaxial powder feed. To prevent the oxidation
of the specimens during the buildup, the sealed chamber of the machine was filled with
argon. Hereby, the residual oxygen content in the chamber did not exceed 100 ppm. In total,
160 layers were deposited, having 12 mm in width, 0.8 mm in height, and 140 mm in length,
and each layer consisted of seven passes. Spherical Ti-6Al-4V powder with a diameter
of 45–90 μm, which was produced by a plasma rotating electrode method, was used for
the buildups. The size distribution of the powder particles was unimodal with no visible
non-metallic inclusions on the surface, as shown in Figure 2. The chemical composition
was in accordance with the standard ASTM F136-02a [39].

Figure 2. (a) Scanning electron micrograph of Ti-6Al-4V powder and (b) size distribution of the powder particles.
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2.2. Optical and Scanning Electron Microscopy

Optical metallography of etched microsamples was conducted using a Leica DMI8A
microscope with a magnification of up to 1000 times. For the etching, Kroll’s reagent
(1 mL HF + 2 mL HNO3 + 47 mL H2O) was used [40]. All metallographic cross-sections
were taken from the middle of the buildup. The Vickers hardness was measured according
to the ISO 6507 standard on an FM-310 hardness tester (Future Tech, Tokyo, Japan) with
a load of 3 N. To determine the chemical composition and to analyze the fracture surface
of the specimens after testing, a Tescan Mira3 scanning electron microscope (TESCAN,
Brno, Czech Republic) with an Oxford AZtec console was used (Oxford Instruments
NanoAnalysis, Wycombe, UK).

2.3. Tensile Tests at Elevated Temperatures

The mechanical properties of the DLD-processed Ti-6Al-4V alloy were obtained using
a Gleeble 3800 metallurgical simulation system at the National University of Science and
Technology MISiS in Moscow, Russia. The setup allows sequential tensile-compression
deformation with a force of up to 10 t and simultaneous heating of the sample by direct
electric current transmission to be performed. Depending on the specimen configuration
and size, the heating and the cooling rate can reach up to 10,000 ◦C s−1 and 3000 ◦C s−1,
respectively. The temperature field was controlled by the contact method using a type K
thermocouple with a diameter of 0.25 mm that was fixed to the surface of the sample by
discharge spot welding. A schematic of the specimen used for the uniaxial tension tests is
shown in Figure 3. Thereby a heating rate of 10 ◦C s−1 and a strain rate of 3 mm min−1

were used. An externally mounted sensor was used for the precision recording of the
transverse strain. The transverse strain was measured with a 500 Hz sampling rate in
the central section of the specimen. The noise in the experimental data, which is shown
in Figure 3b, significantly hampered their processing. Therefore, a robust discrete cosine
transform (DCT) filter, which was implemented in the commercial software Matlab, was
used to process the data [41,42].

Figure 3. (a) A schematic of the Gleeble 3800 test specimen and (b) an example of experimental data processing using the
DCT filter.

An approximation of the measured tensile curves for given temperatures was per-
formed to describe hardening behavior during plastic deformation. The following fitting
function was proposed:

σ(ε) =
p1 · ε2 + p2 · ε + p3

ε + p3
· σ0.2, (1)
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where σ is the stress, ε is the strain, σ0.2 is the yield strength, and p1, p2, p3 are the fitting
coefficients.

Note that a zero strain in Equation (1) corresponds to a stress level that is equal to the
yield strength of the material. The fitting coefficients in Equation (1) were determined by
the nonlinear least squares method [43]. Figure 4 shows an example of fitted experimental
data. Note that for clarity, only a small part of the recorded experimental points is shown.
It can be seen that the proposed fitting function agrees well with the experimental data.
However, it should be noted that the fitting of the engineering stress–strain curves was
conducted using the data included between the strain corresponding to the yield strength
and the strain corresponding to the tensile strength.

Figure 4. An example of the measured stress–strain curves and their approximation.

2.4. Thermal Expansion Tests

A DIL 805 A/D quenching dilatometer test machine was used to determine the
temperature dependent coefficient of thermal expansion (CTE). A cylindrical specimen
with a 4 mm diameter and 10 mm length was inductively heated up to 1050 ◦C at a rate
of 3 ◦C s−1. The tests were conducted in vacuum to prevent oxidation. After holding
the sample at the maximum temperature for 20 min, the specimen was cooled at a rate
of 0.94 ◦C s−1 by blowing it with helium. An instantaneous α and secant α coefficient
of thermal expansion were determined, according to Figure 5. Therefore, the following
expressions were used:

- for instantaneous CTE:

α =
ΔL2 − ΔL1

Lo
· 1

T2 − T1
; (2)

- for secant CTE:

α =
ΔL(T)

Lo
· 1
(T − To)

. (3)

The instantaneous CTE was determined by the first derivative of the experimental
thermal strain curve with respect to the temperature. Note that an irregular experimental
curve can cause significant high-frequency fluctuations of the calculated derivative values.
Thus, to obtain a smooth curve of the instantaneous CTE, an experimental thermal strain
curve was approximated by piecewise polynomials of 9th degree.

52



Materials 2021, 14, 6432

Figure 5. Determination of the coefficients of thermal expansion at point A.

2.5. Stress Relaxation Tests

The visco-plastic behavior of DLD-processed Ti-6Al-4V alloy was measured using a
uniaxial tensile test utilized in the Gleeble 3800 machine according to the method described
in [44]. Each specimen was first heated to 500 ◦C or 700 ◦C and subsequently tensioned to
a specified strain value. All samples were tensioned with a strain rate of 3 mm min−1 to
a total strain of 2%, which is equal to a stress level of about 88% of the yield strength of
the alloy at the corresponding temperature. In the next step, the applied strain was held
constant, and the stress relaxation was measured as a function of time.

3. Results and Discussion

3.1. Microstructure of the DLD-Processed Ti-6Al-4V Alloy

The following factors affect the microstructure of the Ti-6Al-4V buildup: (1) a high
crystallization rate of the deposited metal due to low interpass temperatures [45,46]; (2) mul-
tiple short-term irregular reheating phases from subsequent passes [47,48]; (3) epitaxial
crystal growth [49,50]. The microstructure consisted of a lamellar α’-phase, as shown in
Figure 6, and a small amount of residual β-phase in the form of thin interlayers [51–53].
The residual β-phase cannot be detected by optical or scanning electron microscopy due
to its minor content. The presence of an α′-phase leads to an increase in the strength and
a decrease in the ductility of the material. The nucleation of the α-phase initiates at the
boundaries of the β-grains. The α-plates grow inside the grain until they meet plates
growing from other boundaries during further cooling phases. As a result, colonies of uni-
directional α-plates are formed in the grain. Cutting the lamellas of different colonies and
grains at the different angles in the plane of the microsample results in a visible difference
in the α-plate thickness. The thicknesses of such plates are close to each other. The average
microhardness of the buildup alloy was 397 HV0.3.

Figure 6. Microstructure of a Ti-6Al-4V buildup obtained by the DLD method.
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3.2. Effect of the Temperature on the Fracture Behavior

A macrograph of the fracture surface of the specimens tested at different temperatures
is shown in Figure 7. All of the specimens had a cup-and-cone ductile fracture. A distinctive
feature of the specimens tested at 200 ◦C, as shown Figure 7a, is the presence of two zones:
a fibrous zone and a shear zone. The fibrous zone corresponds to the area of slow crack
growth. It is located in the center of the fracture. The shear zone is an annular fracture zone
that is adjacent to the free surface of the specimen. The extent of the shear zone decreases
until it disappears completely as test temperature increases. This is clearly visible in the
macrographs of the specimens tested at 500 ◦C and 700 ◦C, shown in Figure 7b,c. The
higher test temperature corresponds to a significantly higher reduction of the area and the
presence of large pores with a diameter of approximately 350 μm.

Figure 7. Fracture surface of specimens tested at (a) 200 ◦C, (b) 500 ◦C, and (c) 700 ◦C.

Deep dimples are clearly visible in the central region of the fracture surfaces of the
specimens tested at 200 ◦C. A ductile local fracture is immediately initiated around those
dimples, as seen in Figure 8a. The dimples are formed by the coalescence of micropores,
which, in turn, grow and expand under a triaxial stress state [54,55]. Flat equiaxed dimples
are clearly observed in the shear fracture zone shown in Figure 8b,c. They are formed
due to the coalescence of micropores under the action of shear stresses. At higher test
temperatures, the fracture is caused by the nucleation of the micropores at the grain
boundaries, which are formed by a grain boundary slip, see Figure 9. The subsequent
diffusion of vacancies or the development of local sliding leads to an enlargement of the
pores. The larger dimples observed in Figure 9a correspond to triple grain boundary
junctions. The small dimples seen in Figure 9b originate from the walls of the dislocation
cells. At a test temperature of 700 ◦C, the pores are larger and deeper, as seen in Figure 9c.
Note that the pores are elongated in the direction of plastic deformation.
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Figure 8. SEM fractograph of a specimen tested at 200 ◦C showing (a) the fibrous central zone and (b,c) the shear zone.

Figure 9. Fracture surface of specimen tested at (a,b) 500 ◦C and (c) 700 ◦C.

3.3. Short-Term Mechanical Properties of the Ti-6Al-4V Alloy over a Wide Temperature Range

The experimentally obtained engineering and true tensile stress curves of the Ti-6Al-
4V alloy for the temperature range between 20 ◦C and 800 ◦C are shown in Figure 10. The
processing of the experimental data was conducted according to the procedure described
in Section 2.3. It can be seen in Figure 10a that the total strain corresponding to the ultimate
strength increases when the temperature increases. The ductility of the alloy increases
significantly at temperatures above 700 ◦C. It should be noted that the ductility of the
DLD-processed alloy at room temperature is comparable to that of the wrought alloy [13].

In Figure 11a the yield and tensile strength are plotted as functions of the temperature.
It can be observed that the yield strength decreases gradually by approximately 40% as
the temperature rises to 500 ◦C. A further increase of the temperature leads to a significant
increase in the softening rate. This behavior is associated with the intensification of the
diffusion-controlled decomposition of the metastable α’-phase and the grain boundary slip
process [56]. Thus, the yield strength decreases almost linearly from 600 MPa to 70 MPa
in the temperature range between 500 ◦C and 800 ◦C. According to the published data
shown in Figure 11b, a further increase in the temperature leads to complete softening of
the material. The green curve corresponds to the sample with the α’ -microstructure [29].
This shows a close correlation to the obtained curve for the DLD-processed alloy, especially
at temperatures above 400 ◦C. The discrepancy between the curves in the temperature
range of 20–400 ◦C can be explained by the differences in the size and the shape of the prior
β-grain as well as by the morphology and the thickness of the α-plates [12]. On the other
hand, the blue curve corresponds to the (α + β) microstructure [31] and shows lower yield
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strength values. However, its behavior is almost identical to that of the obtained curve for
the DLD-processed alloy.

Figure 10. (a) Engineering and (b) true tensile curves of the DLD-processed Ti-6Al-4V alloy.

Figure 11. (a) Yield and tensile strength of the Ti-6Al-4V alloy as functions of temperature and (b) comparison of the
obtained yield strength with published data from [26,29,31].

In Figure 12, the temperature-dependent Young’s modulus is shown. It is observed
that the Young’s modulus remains almost unchanged for a temperature increase of up to
500 ◦C. However, it decreases sharply by approximately 70% from 109 GPa to 26 GPa upon
further heating to 800 ◦C. A comparison of the obtained curves with previously published
data shows a significant discrepancy. The blue curve corresponds to a sample with a
bi-modal Widmanstätten microstructure obtained from a plate that was 12 mm thick. Note
that the plates were treated by annealing for 6 h at 790 ◦C [31]. The DLD-processed alloy
shows a Young’s modulus with greater thermal stability. At 500 ◦C the Young’s modulus
of the alloy is about 46% higher than that of the wrought alloy.
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Figure 12. Comparison of the measured Young’s modulus of the Ti-6Al-4V alloy with published data
from [7,31].

An approximation of the obtained tensile curves for given temperatures using the pro-
posed fitting function was performed according to the procedure described in Section 2.3.
The obtained coefficients of the fitting function are given in Table 1. These data are of high
importance for the numerical analysis of the residual stresses and distortion of additively
manufactured parts.

Table 1. Mechanical properties and fitting coefficients.

T,
◦C

σ0.2,
MPa

E,
GPa

True Tensile Curve Engineering Tensile Curve

p1 p2 p3 p1 p2 p3

20 1000 124.0 0.49292 1.16000 0.012126 −0.34052 1.110000 0.0100000

200 845.0 121.0 0.49292 1.30004 0.012126 −0.34052 1.245515 0.0096846

400 704.8 118.5 0.47779 1.37959 0.009724 −0.33283 1.328941 0.0087338

500 600.0 110.9 0.39231 1.52868 0.007098 −0.64584 1.483647 0.0064257

600 418.8 88.2 −0.69472 1.93472 0.012777 −1.49563 1.842861 0.0115448

700 245 65.0 −1.5021 2.15010 0.018110 −2.46304 1.806981 0.0165517

800 70 26.5 −2.11940 3.33223 0.028902 −2.71973 3.036418 0.0238623

3.4. Temperature Dependence of the Thermal Expansion Coefficient

The experimentally obtained temperature dependence of the thermal strain is shown
in Figure 13. It is not difficult to see that the heating and cooling parts of the curve
have different slopes for temperatures above 600 ◦C. The temperature dependence of
the thermal expansion coefficient was obtained according to the method described in
detail in Section 2.4. A decrease of about 20% in the CTE occurs in the temperature range
between 400 ◦C and 600 ◦C during heating, as seen in Figure 14a. According to [29],
this can be explained by the diffusion-controlled phase transformation α′→ α + β, which
is accompanied by a slight volume decrease. Note, that above 800 ◦C, the α + β → β

transformation begins and that the transformation rate is not constant. However, the
transformation rate is rather slow in the interval between 800–900 ◦C, which is clearly
visible in the secant CTE curve shown in Figure 14b. An increase of the diffusion mobility of
the atoms at temperatures above 900 ◦C leads to a sufficient increase in the rate of β-phase
formation. During holding at 1050 ◦C, the β-phase content reaches 100%, which leads to a
reduction of the sample’s volume. However, the coefficient of thermal expansion does not
change significantly during cooling.
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Figure 13. Temperature-dependent thermal strain curve of the DLD-processed Ti-6Al-4V alloy.

Figure 14. Temperature dependent coefficient of thermal expansion of (a) an instantaneous and (b) secant.

3.5. Analysis of the Stress Relaxation

The instability of the phase composition of the material and the relaxation of the
residual stresses arising in the parts due to various technological operations may cause
spontaneous changes of their size and shape over time, affecting their service properties.
The conditions for relaxation are described by the following equation:

ε0 = εe + εp =
σ

E
+ εp = const at εe �= const; εp �= const, (4)

where ε0 is the initial total strain, εe is the elastic strain, and εp is the plastic strain.
The total strain during the stress relaxation test remains constant due to the increase

in plastic strain over time caused by the decrease of the fraction of the elastic strain.
These processes can have a considerable effect on the shape stability of the part during
DLD as well as during service. The experimentally obtained stress relaxation curves for
500 ◦C and 700 ◦C are shown in Figure 15. Note that for clarity, only a small part of the
recorded experimental points is shown, as the data recording frequency was 500 Hz. The
experimental data were approximated according to the following equation, which describes
the intergranular diffusion relaxation processes [57]:
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σ = σo · exp
(
− k · t

1 + p · t

)
, (5)

where σo is the applied stress, and k and p are coefficients dependent on the temperature,
the microstructure, and the phase composition.

Figure 15. Stress relaxation curves of the DLD-processed Ti-6Al-4V alloy for (a) 700 ◦C and (b) 500 ◦C.

To determine the instantaneous creep strain rate, the time derivative of Equation (5)
is obtained:

•
εc =

dεc

dt
= − 1

E
dσ

dt
, (6)

where E is the Young’s modulus at a given temperature.
By differentiating Equation (5) and substituting it into Equation (6) the instantaneous

creep strain rate is obtained:

•
εc =

σo

E
· exp

(
− k · t

1 + p · t

)
·
[

k

(1 + p · t)2

]
. (7)

It is a well-known fact that stress relaxation is a thermally activated process, which
is particularly effective at high temperatures. Two regions can be distinguished in the
curves shown in Figure 15. The first is characterized by an abrupt stress drop, and the
second is characterized by a slow stress drop. As noted in [56], the sharp stress decrease
at the beginning of the relaxation process is associated with the elimination of a large
number of lattice defects. Over time, the amount of lattice distortions decreases, causing
the relaxation rate to become slower. In addition, it can as well be explained by the fact
that at the beginning of the relaxation phase, the value of the applied stress is high and
thus closer to the yield strength of the individual crystallites and mosaic blocks. In the
second region, the relaxation curve is asymptotic to a straight line that is parallel to the
abscissa axis and shifts from it by the value of the peak stress at which relaxation will not
occur. The kinetics of these processes are well illustrated by the creep rate curves shown in
Figure 16. The creep rate at 700 ◦C is 0.12 × 10−3 % s−1 at the beginning of the relaxation
process, which is 23 times higher than the creep rate at 500 ◦C, as seen in Figure 15a. A
50% reduction of the stress occurs during the first 60 s at 700 ◦C. After a sharp decrease,
the stress continues to decrease, but at a considerably lower rate. In the first 600 s, the
stress is reduced by a total of 86% at 700 ◦C and by 25% at 500 ◦C, as seen in Figure 15.
Hence, it can be concluded that the overheating of the buildup due to its size and/or
absence of inter-pass dwell time will lead to a significant reduction of the residual stresses.
Therefore, published data on experimentally measured residual stresses without a detailed
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description of the process parameters affecting the temperature field cannot be used to
analyze and verify the accuracy of simulation procedures.

Figure 16. Creep rate curves of the DLD-processed Ti-6Al-4V for 500 ◦C and 700 ◦C.

4. Conclusions

The mechanical properties of the DLD-processed Ti-6Al-4V alloy were obtained by a
tensile test performed in the temperature range between 20 ◦C and 800 ◦C. The influence
of the thermal history on the stress relaxation for the cases with maximum temperatures
of 500 ◦C and 700 ◦C were studied. In addition, the temperature dependence of the co-
efficient of thermal expansion was obtained. The influence of the initial microstructure
of the samples on the deformation and the fractures at elevated temperatures was ana-
lyzed. An approximation of the measured tensile curves for given temperatures using a
proposed fitting function was performed to describe the hardening behavior during plastic
deformation. The following conclusions are drawn:

1. The microstructure of the buildup obtained by direct laser deposition with inter-pass
temperatures in the range of 60–80 ◦C consists of a lamellar α’-phase and a small
amount of residual β-phase.

2. According to the obtained stress curves, the yield strength decreases gradually by
approximately 40% when the temperature increases to 500 ◦C. Furthermore, it was
determined that the softening rate increases significantly upon further heating

3. It was found that the DLD-processed Ti-6Al-4V alloy has a Young’s modulus with
greater thermal stability than conventionally processed alloys. At 500 ◦C, the Young’s
modulus of the alloy is about 46% higher than that of the wrought alloy.

4. The analysis of the CTE curves showed that a diffusion-controlled transformation
of α’→ α + β in the temperature range between 400 ◦C and 600 ◦C leads to a 20%
decrease in the CTE. In addition, the α + β → β transformation was determined to
start at temperatures above 800 ◦C.

5. The stress relaxation process was found to have a decisive influence on the formation
of the residual stresses at temperatures above 700 ◦C, which is especially important in
the production of small-sized parts by the DLD method.
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Abstract: The possibility of obtaining composite micropowders of the W-C-Co system with a spherical
particle shape having a submicron/nanoscale internal structure was experimentally confirmed. In
the course of work carried out, W-C-Co system nanopowders with the average particle size of
approximately 50 nm were produced by plasma-chemical synthesis. This method resulted in the
uniform distribution of W, Co and C among the nanoparticles of the powder in the nanometer scale
range. Dense microgranules with an average size of 40 microns were obtained from the nanopowders
by spray drying. The spherical micropowders with an average particle size of 20 microns were
received as a result of plasma treatment of 25.36 microns microgranule fraction. The spherical
particles obtained in the experiments had a predominantly dense microstructure and had no internal
cavities. The influence of plasma treatment process parameters on dispersity, phase, and chemical
composition of spherical micropowders and powder particles microstructure has been established.

Keywords: tungsten carbides; cobalt; nanopowder; synthesis; granulation; spheroidization;
DC thermal plasma

1. Introduction

Hard metals based on tungsten carbide are widely used in the production of cutting
tools for metalworking, tools for rock drilling, wear-resistant parts, and coatings, etc. [1–3].

Hard metal products are manufactured by various methods, including powder metal-
lurgy methods, but the production of complex-shaped parts encounters significant difficul-
ties. Nowadays, intensively developing additive technologies make it possible to overcome
the problems of manufacturing parts with complex shapes, so the attention of researchers
and developers is drawn to the development of additive technologies for the manufacture
of hard metal compacts. An overview of current research in this area can be found in [4].

Metal powders used in the layer-by-layer growth of products by methods of additive
technologies should have good flowability and provide the highest possible packing density
of particles when creating a powder layer [5,6]. These requirements may be achieved by
using powders with a spherical particle shape having a size in the range from 20 to 60 μm.

An effective method for producing powders with a spherical particle shape is the
processing of powders consisting of particles with an irregular shape in a flow of thermal
plasma of electric discharges where the particles melt and become spherical due to surface
tension forces. Plasma processes of spheroidization, the studies of which were started in the
second half of the last century [7,8], are now widely used for processing metal powders [9–14].
However, the production of powders of WC-Co hard metals with a spherical particle shape in
plasma processes has been studied only in a very limited number of works.

Materials 2021, 14, 4258. https://doi.org/10.3390/ma14154258 https://www.mdpi.com/journal/materials65
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The authors of [15] obtained spherical powders by processing composite microgran-
ules WC-12 wt.% Co in a thermal plasma flow generated by an electric arc plasma torch.
The initial microgranules had an average size of 38 μm and were obtained by spray drying a
suspension of WC and Co powders. Plasma treatment of microgranules made it possible to
reduce the porosity in composite microparticles and ensure their spheroidization; however,
high-temperature treatment led to undesirable effects—the transformation of some parts of
WC carbide into W2C and the partial evaporation of cobalt. The size of WC grains in the
obtained spherical particles was in the micron range.

The authors of the paper [16] showed the possibility of obtaining dense spherical
microparticles of the hard alloy WC-Co as a result of processing the corresponding porous
microgranules in a thermal plasma flow followed by a heat treatment. Initial WC-30 wt.%
Co microgranules with an average size of 87 μm were obtained by spray drying a suspen-
sion of a mixture of initial WC and Co powders. As a result of the processing of porous
microgranules, dense spherical particles with a changed phase composition, represented
by the phases C, Co, W2C, and Co3W3C, were obtained. Subsequent heat treatment of this
powder at a temperature of 950 ◦C provided a return to the original phase composition
WC-Co, while the particles retained their spherical shape, and the powder had the fluidity
required for its use in additive technologies.

In the above-mentioned works [15,16], the obtained spherical WC-Co particles had a
microstructure with micron-sized WC grains.

The particle size of tungsten carbide powder is one of the critical factors determining
the mechanical properties of WC-Co hard metals and the transition to nanostructured hard
metals is a means to significantly improve these properties [17,18].

The aim of this research was to experimentally determine the possibility of obtaining
composite W-C-Co system micropowders with a spherical particle shape having a submi-
cron/nanoscale internal structure, using an approach involving three successive stages:

• W-C-Co system nanopowders synthesis by interaction of tungsten oxide WO3 and
cobalt powder mixture with methane in a flow of hydrogen-containing thermal plasma
of electric arc plasm torch.

• Nanopowders granulation in a spray dryer to produce nanopowder microgranules,
and classification of microgranules into a given fraction.

• Densification and spheroidization in a thermal plasma of the separated fractions
of microgranules.

In some cases, the final classification of dense spherical particles obtained after plasma
treatment is required with the purpose of removing nano- and submicron particles formed
during condensation of vaporized material.

The proposed approach can make it possible to obtain micropowders of a WC-Co
hard metal with a spherical particle shape and a submicron microstructure. To date, such
powders have not been produced, but they are of interest for the manufacture of hard
metal parts of complex shapes with an ultrafine microstructure using modern methods of
additive technologies.

2. Materials and Methods

2.1. Obtaining Nanopowder of W-C-Co System

W-C-Co system nanopowder was obtained by processing of mixture of tungsten oxide
WO3 and cobalt Co powders with methane in thermal plasma flow generated in electric
arc plasma torch with self-adjusting arc length with nominal power of 30 kW. Detailed
description of the setup and processes of nanoparticles formation in the thermal plasma
flow are presented in [9].

Powder mixture consisted of tungsten oxide WO3 particles with average particle size
less than 50 μm and Co particles with particle size less than 5 μm. All experiments were
performed at a constant mass ratio of elements W/Co = 11 in the raw mix.
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Nitrogen, as a part of plasma-forming and transport gases, was supplied from the air
separation unit, the oxygen content in nitrogen was no more than 0.01 vol.%. Hydrogen, with
purity not less than 99.95 vol.%, was added to plasma-forming gas to ensure reduction of
tungsten oxide. Compressed methane, with a purity of 99.9 vol.%, was used as a carbidizer.

2.2. W-C-Co System Nanopowder Microgranules Production

Nanopowder microgranules of W-C-Co system were obtained by spray drying of aque-
ous suspensions of W-C-Co nanopowder on Buchi Mini Spray Dryer B-290 (Flawil, Switzer-
land) equipped with an ultrasonic nozzle.

The production of microgranules of the W-C-Co system based on spray drying in-
cludes three main stages:

• Preparation of an alcohol suspension consisting of composite nanoparticles of the
W-C-Co system and polyvinyl butyral (C8H14O2)n (PVB) used as an organic binder to
ensure the strength of the obtained microgranules.

• Spray drying of the obtained suspension with an ultrasonic nozzle. Nitrogen was
used as a working gas in the process of granulating the nanopowder using a Buchi
B-295 circulation gas circuit.

• Separation of the 25.63 μm fraction of microgranules on a Retsch AS 200 sieve machine
(Haan, Germany).

2.3. Plasma Processing of W-C-Co Nanopowders

Separated fraction of nanopowder granules was treated in a thermal argon-hydrogen
(3 vol.%) plasma jet, generated in an electric arc plasma torch with a rated power of 30 kW.
A detailed description of the plasma setup for powders spheroidization used is given
in [10]. The formation of nano- and submicron particles formed due to partial evaporation
and subsequent condensation of a raw material. Destruction of some granules by collision
and removal of thermal gasification products of an organic binder from granules enhances
the evaporation processes during plasma treatment of nanopowder microgranules. Sedi-
mentation in a distilled water after ultrasonic dispersion was used to remove nano- and
submicron particles from plasma treated powder. In this process, spheroidized microparti-
cles are separated from the resulting suspension by sedimentation and subsequent drying
in vacuum, while nano- and submicron particles are removed with water as a suspension.

A comprehensive analysis of the physicochemical properties of powders included:

• Scanning, transmission electron and optical microscopy—Scios SEM microscope (FEI,
Hillsboro, OR, USA) with elemental energy dispersive X-ray microanalysis (EDS),
Osiris TEM microscope (FEI, Hillsboro, OR, USA) and Olympus CX31 OM micro-
scope (Tokyo, Japan), respectively. ImageScope M software (Aperio Technologies,
Vista, CA, USA) was used for statistical image processing.

• Measurement of the specific surface area of nanopowders by the BET method on a
Micromeritics TriStar 3000 specific surface analyzer (Norcross, GA USA).

• Amount of total oxygen measurements with a TC-600 (LECO, St. Joseph, MO, USA)
analyzer during reduction smelting in a graphite crucible and detection of the resulting
gases with an infrared radiation sensor.

• Amount of total carbon in a CS-600 (LECO, St. Joseph, MO, USA) analyzer by burning
the sample in a stream of oxygen and detecting the resulting gases using an infrared
radiation sensor.

• Determination of metallic elements (Co, W) by X-ray fluorescence spectroscopy
(XRFMS) in the powder layer on an Orbis analyzer (EDAX, Mahwah, NJ, USA).

• Particle size distribution of micropowders measured with a Mastersizer 2000M laser
diffraction particle size analyzer (Malvern, Worcestershire, UK) with Hydro S liquid
sample feeder.

• Phase analysis on an Ultima-4 X-ray diffractometer (RIGAKU, Tokyo, Japan) with a
monochromator in filtered Cu-Kα radiation.
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• Separation of nanoparticles in spheroidal micropowders by fractional separation in liq-
uid by sedimentation of aqueous suspension after treatment on ultrasonic dispersant
Bandelin Sonopuls HD3100 (Berlin, Germany).

• Determination of flowability of powders was carried out using a calibrated funnel
(Hall device) and a stopwatch for samples weighing 50 g.

• Determination of the apparent density of powders by weight method using a funnel
in accordance with GOST 19440-94 [19] (ISO 3923-1:2018-09 [20], ISO 3923-2:1981 [21]).

3. Results and Discussion

3.1. Preparation of W-C-Co System Nanopowders

Plasma-chemical synthesis of W-C-Co system nanopowders was carried out in the
plasma reactor with the confined jet flow. The power of the plasma torch was in the
range of 19.24 kW. A mixture of nitrogen and hydrogen (20 vol.%) was used as plasma-
forming gas. Dispersed raw material was transported with a feeding rate of 5 g/min by a
hydrogen–methane mixture.

According to the results of electron microscopy (Figure 1), obtained nanopowders
represent a polydisperse system consisting of aggregated nanoparticles in the size range
from 10 to 100 nm, with the nanoparticles predominantly close to spherical in shape.

  
(a) (b) 

Figure 1. SEM (a) иTEM (b) images of W-C-Co nanopowder.

The specific surface area of nanopowders obtained ranged from 15 to 20 m2/g. The
main process parameters affecting the values of the specific surface area are the feed rate of
dispersed raw materials and the methane flow rate. With increasing feed rate of dispersed
raw materials, the specific surface area decreases due to a boost in the concentration of
condensed vapors, and an increase in methane flow rate leads to a boost in the specific
surface area of the nanopowder due to an increase in the content of free carbon with a high
specific surface area.

Phase composition of the obtained W-C-Co system nanopowder containing 4.7 wt.%
of carbon is characterized by the predominance of the W2C tungsten carbide phase with
the presence of WC and W phases (Figure 2a).
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Figure 2. XRD patterns of W-C-Co (a) and W-C (b) nanopowders produced by plasma synthesis.

It is noted that during the plasma-chemical synthesis of nanopowders of the W-C
and W-C-Co systems, the phase composition of the resulting nanopowders is noticeably
different (Figure 2). Introduction of a cobalt into the process leads to a significant decrease in
a cubic tungsten carbide phase WC1-x and an increase in hexagonal tungsten monocarbide
phase WC content as well as an increase in W2C phase.

The results of the EDS microanalysis indicate that the elements W, Co, and C are evenly
distributed among the nanoparticles of the powder of the W-C-Co composition with a uni-
formity scale in the nanometer size range (Figure 3). The high level of uniformity in the
elemental composition of the obtained nanopowder is determined by the mechanism of its
formation based on the co-condensation of components from the gas phase. Therefore, when
carrying out this process, special attention was paid to creating structural and technological
conditions to ensure the most complete evaporation of the initial disperse raw materials and
the implementation of the targeted chemical reactions. The yield of the W-C-Co composition
nanopowder reached 98.0–99.5 wt.%. The content of micron-sized particles in the nanopow-
ders did not exceed 0.5–1.5 wt.%. We attribute their content mainly to incomplete evaporation
of the raw material particles. The oxygen content in this fraction was 3–5 wt.%.

For the following stages of nanopowder granulation and microgranule spheroidiza-
tion, a batch of W-C-Co system nanopowder containing 7.7 wt.% cobalt and 4.7 wt.% carbon
was produced. Total oxygen content of the powder was 0.5 wt.%. The carbon content in the
nanopowder was reduced in relation to the value corresponding to tungsten monocarbide
WC since an organic binder was used for making microgranules which pyrolysis during
plasma treatment leading to the formation of carbon in the microgranule volume.
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Figure 3. Results of the EDS microanalysis with element distribution maps (W, C, Co) among particles
of W-C-Co composite nanopowder.

3.2. Preparation of W-C-Co microgranules

The granulation process of the obtained nanopowders was carried out in a spray
drying unit at drying gas temperatures of 40–150 ◦C with a flow rate of 20 m3/h. The
nozzle cooling gas flow rate was 0.3 m3/h. Flow rate of the suspension was in the range
from 3 to 12 g/min. The power of the ultrasonic nozzle in all cases was 3 W.

The microgranules obtained in the spray drying process were subjected to sieving with
the extraction of fractions of 25–63 microns, the yield of which was about 50%. Microgranules
have mostly irregular shapes (Figure 4), determined by drying conditions, as well as the use
of a low-boiling liquid-ethanol—as a dispersion medium. When distilled water and water-
soluble organic binder were used as a dispersion medium we obtained spherical granules, but
their strength was insufficient, and the yield of the target fraction was low. This is largely due
to the fact that nanopowders of the W-C-Co system have a pyrocarbon layer on the surface
that is formed as a result of hydrocarbons pyrolysis [22] and, therefore, the water suspensions
of the W-C-Co nanopowder system have a poor stability.

The dispersed composition of separated granule fraction was characterized by the
values of distribution parameters D10 = 23 μm, D50 = 37 μm, and D90 = 60 μm (Figure 5).
The average particle size of microgranules was 39 μm.
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Figure 4. SEM image of W-C-Co microgranules obtained in the process of spray drying.

 

Figure 5. Differential and integral microgranules size.

According to the analysis results, the carbon content in the microgranules was 6.4 wt.%,
oxygen-1.0 wt.%, the apparent density of the microgranules was 2.6 g/cm3, and the
flowability was 29 s/50 g. An increase in carbon content by 1.7 wt.% and oxygen content
by 0.5 wt.% was due to the use of an organic binder. An additional channel for increasing
oxygen in the granules was the interaction of nanoparticles with active oxygen-containing
components formed during ultrasonic dispersion of an alcohol-based suspension at the
stage of preparing a suspension for spray drying.

Selected granulation mode in combination with the use of an alcohol-based dispersion
medium and polyvinyl butyral made it possible to ensure the strength of microgranules
sufficient for their transportation without destruction from the powder feeder into the
thermal plasma flow by the carrier gas.

3.3. Plasma Treatment of W-C-Co System Microgranules

Fraction of nanopowders with a size range of 25 to 63 microns containing 6.4 wt.% carbon
was treated in a thermal plasma jet with a mixture of Ar + 5 vol.% H2. Use of hydrogen in the
plasma-forming gas allowed to increase the intensity of heating of granules due to its high
thermal conductivity and, as a result, the degree of spheroidization of the obtained particles.
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At a plasma-forming gas flow rate of 2.0 m3/h, the power input of the plasma torch in the
conducted experiments was 20–30 kW. The enthalpy of the plasma jet varied in the range
from 2.4 to 4.9 kW·h/m3. Microgranules with a flow rate of 6 g/min were transported from
the feeder to the plasma reactor with argon at a flow rate of 0.5 m3/h.

In all experiments performed, within the specified range of process parameters varia-
tion, the degree of spheroidization of microgranules was at least 90% (Figure 6a). Apparent
density of obtained spheroidized powder (after removal of nano- and submicron particles)
changed from 8.8 to 9.6 g/cm3 with an increasing enthalpy of the plasma jet (Table 1).

  
(a) (b) 

Figure 6. SEM images of W-C-Co micropowder after the spheroidization and removal of nano- and submicron particles (a)
and metallographic cross-section of this powder (b).

Table 1. Characteristics of W-C-Co powders.

Microgranules
Spheroidized Powder Produced at Different Enthalpy

2.8 kW·h/m3 4.8 kW·h/m3

Dav, μm 39.1 16.7 19.8
Apparent density, g/cm3 2.6 8.8 9.5

Flowability, s/50 g 29 11 10

The experiments performed showed that an increase in the enthalpy of the plasma
jet in the range from 2.4 to 4.9 kW h/m3 leads to nanoparticles content increasing in the
treated powder from 8 to 13 wt.%. The formation of nanoparticles occurs due to the
evaporation and subsequent condensation of microgranule components. The elemental
composition of the nanoparticles is characterized by a cobalt content of 70 wt.% and a
tungsten content of 30 wt.%. The predominant content of cobalt in nanoparticles relates to
a lower boiling point of this metal and, as a consequence, its intensive evaporation from
the surface of spheroidized granules in plasma. The presence of tungsten in nanoparticles
may be caused by the removal of tungsten carbide nanoparticles from the surface of
microparticles by the cobalt vapor during evaporation, as well as by the destruction of
nanopowder microgranules during thermal decomposition of the organic binder with an
active gas release.

The particle size distribution in the spheroidized powder after removal of nano- and sub-
micron particles formed is shown in Figure 7. The disperse composition of the spheroidized
powder is characterized by values D10 = 8 microns, D50 = 15 microns, and D90 = 28 microns.
Compared with initial microgranules, the spherical particles are smaller (Figures 5 and 7),
which may be related not only to the acquisition of a more compact spherical shape of particles
but also to the destruction of microgranules in the plasma flow as a result of gas release at
thermal decomposition of the organic binding used at granulation.
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Figure 7. Differential and integral particle size distribution of W-C-Co micropowder after treatment in plasma and removal
of nano- and submicron particles.

Thermal plasma jets generated by electric arc plasma torches are characterized by sig-
nificant enthalpy and gas velocity gradients. In the plasma jet processing of polydisperse
powders, the conditions of thermal interaction of particles of the processed material with the
high-temperature gas are different. This fact predetermines possible differences in directions
and rates of phase transformations occurring in individual particles, so that, under those
conditions, particles in polydisperse powders may have different internal microstructures.

The change in phase composition in the process of nanopowder transformation into
spherical microparticles is presented in Figure 8. The main phase in both nanopowder
and spherical microparticles remains the tungsten carbide phase W2C. When processing
granules in a plasma flow the carbide phase WC(1−x) formation occurs and its content
considerably increases with an increase in plasma stream enthalpy: by the results of XRD
relative intensity of 100% reflections increases from 0.3 to 0.85. The content of tungsten
monocarbide WC, obviously, also increases, as the ratio of relative intensity of 100%
reflections WC and W2C increases from 0.28 to 0.43. Increasing the enthalpy of the plasma
jet during microgranules processing leads to an increase in the average mass temperature of
the gas-dispersed stream and the microparticles present in it, which, in turn, may contribute
to a rise in the content of the higher-temperature carbide phase WC(1−x).

In addition to the plasma enthalpy, there are several other factors that should signifi-
cantly influence the phase composition of the W-C-Co spheroidized powder. These include
the total carbon content of the nanopowder, the value of the specific surface area of the
nanopowder, and the residence time of nanopowder granules in the high temperature
region during plasma spheroidization. Within the framework of this work, the study of
the influence of these factors was not carried out since the main task was to demonstrate
the fundamental possibility of implementing the process of obtaining dense spherical
microparticles of a composition based on tungsten carbides and cobalt with a submicron
microstructure. A separate study is also required to determine the change in the phase com-
position and the structure of the resulting material in the L-PBF process using spheroidized
micropowder of the W-C-Co system.

Spherical particles obtained in the experiments had predominantly dense microstruc-
ture and had no internal cavities, although some particles had small pores (Figures 6b and 9).
Grain size of the particles in most cases was in the submicron range.
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Figure 8. XRD patterns of initial W-C-Co nanopowder (a) and W-C-Co powder spheroidized at different plasma enthalpy:
(b) 2.8 kW·h/m3, (c) 4.8 kW·h/m3.

  

Figure 9. SEM images of W-C-Co spheroidized micropowder cross-section.

According to the EDS results of individual micropowder particles cross-sections with
the most characteristic morphology revealed that the cobalt in them is uniformly distributed
at submicron level in accordance with the structure of the particle (Figure 10).

As a result of elemental microanalysis of a cross-sectional area on ground spheroidal
particles of W-C-Co composition (Figure 11), it is found that the amount of cobalt in
particles of different size and structure varies in a wide range from 2.2 to 7.2 wt.% and
averages about 5 wt.% for W+Co calculation (without carbon), which is approximately
4.7 wt.% for the W-Co system.

Intense evaporation of cobalt in the process of plasma spheroidization of granules
led to a noticeable decrease in its total content in the obtained spherical powder. In initial
microgranules the cobalt content (when analyzed by the XRF method) was 7.7 wt.%,
and, after processing in a thermal plasma stream with enthalpy of 2.4 kW·h/m3, the
concentration of cobalt decreased to 4.6 wt.%. The treatment of granules in plasma at an
enthalpy of 4.9 kW·h/m3 reduced cobalt content in powder to 3.7 wt.% (Table 2).
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Figure 10. SEM image of W-C-Co spheroidized micropowder cross-section and map of Co distribution in this cross-section.

 
Figure 11. SEM image of W-C-Co micropowder cross-section and the results of EDS elemental microanalysis showing the
Co and W content in the powder particles with different structures.

Table 2. Composition of powders obtained.

Nanopowder Microgranules
Spheroidized Powder Produced at Different Enthalpy

2.8 kW·h/m3 4.9 kW·h/m3

Carbon, wt.% 4.7 6.4 4.7 3.9
Cobalt, wt.% 7.7 7.0 4.6 3.7

Oxygen, wt.% 0.5 1.0 0.05 0.03
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When processing microgranules in a plasma flow, the carbon content in them also de-
creases. If the initial carbon content in granules before plasma treatment was 6.4 wt.%, after
treatment in the plasma flow with enthalpy 2.4 kW·h/m3, the carbon content decreased
to 4.7 wt.% and for enthalpy 4.9 kW·h/m3 to 3.9 wt.% (Table 2). Carbon in microgranules
is present in the form of tungsten carbide phases, in a free state, and in PVB, which was
used as a binder in the production of microgranules. The synthesized nanopowder had a
carbon content of 4.7 wt.%, which suggests that when the microgranules were treated in
a plasma flow, the carbon carryover was mainly due to the formation of gaseous carbon
compounds during pyrolysis of PVB. Thus, the carbon introduced into the microgranules
by the binder should not be accounted for in the carbon balance, which is involved in the
chemical transformation of tungsten carbide phases during treatment/spheroidization of
nanopowder microgranules in a plasma stream.

The oxygen content in the spheroidized powder was at the level of 0.03–0.05 wt.%
and was determined by the intensity of initial granules interaction with plasma flow and
its enthalpy level. The radical decrease in oxygen in powder from 1.0 wt.% in granules
to 0.03 wt.% in spheroidized powder is determined first of all by the reductive chemical
reactions of hydrogen with oxygen-containing granules components. The contribution
of reactions in which the carbon of the W-C-Co composition and the carbon-containing
products of thermal decomposition of the organic binder cannot be excluded.

4. Conclusions

The performed set of experimental studies has shown the principal possibility of
obtaining dense spherical microparticles based on the composition of tungsten carbides
and cobalt having a submicron structure by the consecutive use of plasma-chemical syn-
thesis of a W-C-Co system nanopowder, spray drying of suspension based on a W-C-Co
system nanopowder with obtaining nanopowder microgranules and spheroidization of
microgranules in a thermal plasma flow.

It is found that the treatment of nanopowder microgranules in a thermal plasma stream
leads to a change in their chemical composition: a reduction of carbon, oxygen, and cobalt,
and the formation of nano- and submicron particles. To eliminate these negative effects, it is
necessary to carry out further research aimed at investigating the development of methods
to control the structure and chemical and phase composition of the obtained spherical
microparticles of the tungsten carbide-cobalt system at the various stages in the process of
their production in order to optimize their properties for the use of the micropowders in
the manufacture of hard metal products by methods of additive technologies.
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Abstract: In this paper, silicon carbide fiber-reinforced silicon carbide (SiCf/SiC) composites were
fabricated using binder jetting additive manufacturing followed by polymer infiltration and pyrolysis.
Spherical SiC powders were produced using milling, spray drying, and thermal plasma treatment,
and were characterized using SEM and XRD methods. Irregularly shaped and spherical SiC powders
were used to obtain SiCf/SiC blends for the application in binder jetting. The effect of SiC powder
shape on densification behavior, microstructure, and mechanical properties of binder jetted SiCf/SiC
composites was evaluated. The highest density of 2.52 g/cm3 was obtained after six polymer
infiltration and pyrolysis cycles. The microstructure and mechanical properties of the fabricated
SiCf/SiC composites were characterized. Using the spherical SiC powder resulted in higher fracture
toughness and hardness, but lower flexural strength compared to the irregularly shaped powder.
It was shown that it is feasible to fabricate dense SiCf/SiC composites using binder jetting followed by
polymer infiltration and pyrolysis.

Keywords: additive manufacturing; binder jetting; silicon carbide; spray drying; pyrolysis

1. Introduction

Silicon carbide fiber-reinforced silicon carbide (SiCf/SiC) ceramic matrix composites (CMC) are
considered to be promising materials for advanced applications in aerospace engines, gas turbines,
and nuclear reactors [1]. Several methods have been used to make SiCf/SiC particulate-based
composites with pressure-assisted methods such as hot pressing, as well as pressed preforms that can
be post-processed with sintering, liquid silicon infiltration (LSI), chemical vapor infiltration (CVI),
and precursor impregnation and pyrolysis (PIP) [2–6]. The main limitation of these methods is the
inability to produce parts with complex geometries. Machining of ceramics is an expensive and
labor-consuming process; thus, achieving net shaped parts is important for saving costs. Often, up to
80% of the cost of manufacturing of ceramic parts may reflect the mechanical tooling cost [7].

Additive manufacturing (AM) offers a possibility to produce complex structures from various
materials [8,9]. At the moment, the majority of AM processes, excluding those used for manufacturing
parts of polymers, use a laser or an electron beam as the energy source, and metal powder or wire as
the feedstock material. Such an approach limits the number of materials used in AM, in particular,
for intermetallic and ceramic materials. At the same time, demand for ceramic parts for the aerospace
and energy industries has been constantly increasing [10].
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Binder jetting technology, which utilizes powders as feedstock material, is one of the methods for
AM of ceramic components, as Gonzalez et al. [11] and Du et al. [12] showed using alumina powders.
Binder jetting involves depositing a binder on a powder layer and curing the binder to obtain a green
part [13]. One of the major drawbacks of this technology is the high porosity and poor mechanical
properties of the produced green parts [14,15]. This results from low powder packing density in an
applied powder layer as well as the use of a binder to build a part, which leads to a weak connection
between powder particles as opposed to other AM process.

Stereolithography and robocasting are other AM methods that can be used to fabricate ceramic
parts [16,17]. These methods require the preparation of colloidal gels and photocuring slurries, which
might be time-consuming. Moreover, SiC exhibits a high refractive index and light absorption in the
ultraviolet wavelength, which makes it challenging for the stereolithography [18].

Even though the parts obtained by binder jetting are characterized by a high level of porosity,
it is still possible to achieve a high density of ceramic parts after subsequent sintering or infiltration.
For example, Gonzalez et al. [11] achieved 96% of the theoretical density for aluminum oxide parts after
sintering at 1600 ◦C for 16 h. Fielding et al. [19] achieved 95% density after sintering by adding ZnO and
SiO2 to (Ca3(PO4)2) powder. Melcher et al. [20] infiltrated alumina green samples having 36% density
using copper to fabricate dense parts. A similar process was used to infiltrate alumina samples with
glass by Zhang et al. [21]. Another example of such an approach is the production of reactive-bonded
ceramic based on SiC; Fu et al. [22] used a mixture of silicon, silicon carbide, and dextrin to obtain
samples by binder jetting followed by pyrolysis and liquid silicon infiltration, which resulted in
reactive-bonded silicon carbide parts. However, such an approach limits the maximum working
temperature, since silicon has a melting point of 1414 ◦C. Moon et al. [23] fabricated a carbon green-part
by binder jetting and then infiltrated it with silicon, which resulted in the formation of a reactive-bonded
SiC-based composite material. Monolithic SiC samples with >90% of theoretical density have been
fabricated by Terrani et al., by combining binder jetting and chemical vapor infiltration processes as
shown in [24]. Fleisher et. al. [25] used binder jetting followed by phenolic resin binder impregnation
and capillary liquid silicon infiltration to successfully fabricate complex-shaped SiC parts; however,
residual silicon would limit the maximum operating temperature of such parts.

Even though the binder jetting process has been applied to fabricate parts from various
ceramic materials, the studies devoted to SiCf/SiC fabrication are limited. In a previous paper [26],
SiCf/SiC composites were fabricated using the binder jetting process followed by PIP. However, only
irregular-shaped SiC powder particles were used. Spherical powders are considered to be preferable in
AM processes, including binder jetting technology, since they provide better flowability, packing density,
and sinterability compared to irregularly shaped particles [27,28]. Thus, it is important to investigate
the effect of powder shape and morphology on the properties of binder jetted SiCf/SiC CMCs.

The main objective of this paper was to investigate the fabrication process of SiCf/SiC CMCs by
binder jetting AM technology using powder compositions based on both irregular and spherical SiC
particles with SiC fibers. The feasibility of spray drying and plasma treatment processes to fabricate
spherical silicon carbide powder for AM applications was investigated. The effect of SiC powder
shape on densification behavior, microstructure, and mechanical properties of binder jetted SiCf/SiC
composites was evaluated.

2. Materials and Methods

Silicon carbide F320 grit powders (d50 = 38.3 μm) with irregular (non-spherical) shape and
Si-TUFFTM silicon carbide fibers with 100–300 μm of length and 7 μm of average diameter were used
in the binder jetting process. The SiC fibers and SiC powders were blended in a tumbler mixture for
12 h to obtain a composite mixture.

Prior to spray drying, SiC F320 grit powders were milled in a jet-type mill Netzsch CGS10 using
the following process parameters: gas pressure = 7 atm., classifier’s rotation speed = 17,000 rpm,
powder feeding rate = 50 g/min. The selection of the milling parameters was based on preliminary
experiments. The milled powder had the following particle size distribution: d10 = 0.7 μm, d50 = 1.4 μm,
d90 = 2.5 μm.
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Silicon metal powder (99.9%) up to 5 μm in size was mixed with the milled SiC powder prior to
the spray drying to act as a binder during the subsequent plasma spheroidization.

The spray drying process of the 95 SiC-5 Si (wt.%) powder blend was carried out using a LPG-5
spray dryer (Changzhou Yibu Drying Equipment Co. Ltd, Jiangsu, China). The spray dryer operating
principle is the following. Filtered heated air is uniformly fed as a spiral downflow to a drying
chamber through an air dispenser. The liquid material is sprayed inside the drying chamber through a
centrifugal disk pulverizer. Upon contact with the hot air, the fine droplets of the pulverized liquid are
dried and form separate fine particles falling on the chamber floor. A 10% water solution of polyvinyl
alcohol (PVA) was used as a binder with a 1:1 weight ratio of the powder to the binder. The air
temperature during the spray drying was 170–180 ◦C. The pulverizing disk rotating frequency was
varied between 15–50 Hz.

Plasma jet treatment experiments were carried out using TekSphero 15 plasma spheroidization
equipment manufactured by Tekna Plasma Systems Inc. (Sherbrooke, Québec, Canada). The preliminary
experiments were carried out to choose the following plasma treatment process parameters to obtain SiC
spherical particles: plasma torch power = 15 kW, plasma gas (argon hydrogen mix) flow rate = 2.4 m3/h,
powder feeding rate = 10–70 g/min.

The ExOne Innovent binder jetting printer and ExOne solvent binder were used to build samples
of 10 × 7 × 70 mm3 in size. The following printing parameters were used: 4–7 mm/s recoat speed,
20 mm/s roller speed, 120 rpm roller rotation speed, 30 s dry time at 60 ◦C drying temperature, 100 μm
layer thickness, and 60% binder saturation. The green parts were cured at 190 ◦C for 3 h. The binder
jetting process parameters were preliminary optimized to achieve a steady fabrication process of the
samples with a desired geometry.

Polycarbosilane with StarPCSTM SMP-10 trade name manufactured by Starfire Systems
(Schenectady, NY, USA) was used for infiltration of the green parts. The infiltration process was carried
out in a vacuum chamber for 1 h by vacuuming the chamber with the samples and then introducing
SMP-10 into the chamber so that it fully covered the samples.

After the SMP-10 infiltration, the samples were subjected to pyrolysis in a heating furnace at
1000 ◦C for 1 h with an argon flow. The heating rate was 10 ◦C/min. An intermediate dwelling of the
samples at 500 ◦C for 30 min was done to remove the gases forming during the heating of SMP-10.
These parameters were chosen based on the data showed by [26] for SMP-10 pyrolysis used for binder
jetted SiC samples, as well as for SMP-10 pyrolysis of electrophoretic deposited SiC-samples [29].

A summary of the types of SiC powders and treatments used in the current study is presented
in Table 1.

Table 1. Summary of the types of SiC powders and treatments used in the study.

Type of Powder Powder Treatment Fibers Used Fabrication of Samples Post-Treatment of Samples

Irregular SiC
(d50 = 38.3 μm)

None
(1) Milling; (2) Mixing

with 5 wt.% of Si powder;
(3) Spray drying;

(4) Plasma treatment

30% vol. of SiC
fibers mixed with
the SiC powder

Binder jetting SMP-10 infiltration
and pyrolysis

Three-point flexural tests were carried out according to ISO 17138:2014 “Fine ceramics (advanced
ceramics, advanced technical ceramics)—Mechanical properties of ceramic composites at room
temperature—Determination of flexural strength” with the samples of 7 × 10 × 70 mm3 size.

The hardness Hv and fracture toughness K1C of the fabricated ceramic samples were measured
using a Buehler VH1150 testing machine (Buehler, Lake Bluff, IL, USA) with a 1000-g load and 10 s of
dwell time. The hardness values were calculated according to Formula (1):

Hv = 1.854· g·F
(2a)2 ·10−3, (1)

where F is the load, H; a is the length of a semi-diagonal of the indentation, μm; l is the crack length,
μm; g is the acceleration of gravity (9.8 m/s2).
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Fracture toughness was calculated according to the formula for the Palmqvist crack model (2):

KIc = 0.048
(

l
a

)−1/2( Hv

EΦ

)−2/5(Hva1/2

Φ

)
, (2)

where E is Young’s module (taken as 360 GPa in this study), Φ is 3; Hv is the hardness; a is the length
of a semi-diagonal of the indentation, μm; l is the crack length, μm.

The fracture toughness measurement method with a Vickers indenter was suggested by Evans
and Wilshaw [30] and then further extended by Niihara [31]. The equations for calculating the fracture
toughness using the Vickers indenter method are based on a semi-empirical calculation between the
indentation load and the length of the cracks coming from the corners of the indent.

The phase composition was analyzed with a Bruker D8 Advance X-ray diffraction (XRD)
(Bruker, Billerica, MA, USA) meter using Cu-Kα (λ = 1.5418 Å) irradiation. The microstructure
investigation and powder morphology studies were carried out using TESCAN Mira 3 LMU scanning
electron microscope (SEM) (Tescan, Brno, Czechia).

The fabricated samples were measured using a digital caliper with a resolution of 0.01 mm and
the results were compared to the CAD-data.

3. Results

3.1. Powder Characterization

Figure 1 shows the initial SiC powder particles and the SiC fibers. The SiC powder features an
irregular particle shape with smooth faces and has the following particle size distribution: d10 = 21.8 μm,
d50 = 38.3 μm, d90 = 63.2 μm. The apparent density of the SiC powder is 1.37 g/cm3. The SiC fibers
(Figure 1b) have a length of about 100–300 μm with a diameter of 7–10 μm.

Figure 1. Initial silicon carbide (SiC) powder particles (a) and SiC fibers (b).

According to the Si-C phase diagram [32], SiC melts incongruently at 2830 ◦C and starts to
decompose at about 1800 ◦C [33]. During its treatment in a thermal plasma jet, the initial powder
partially sublimates followed by condensation of fine round particles with a size below 1 μm (Figure 2a).
Epitaxial growth of columnar crystals also takes place at the surface of coarse particles (Figure 2b).
Thus, a three-step approach has been suggested to obtain spherical SiC powder particles, which
involves obtaining particles consisting of SiC, Si particles, and a binder using the spray drying process
and then subjecting these particles to the plasma treatment.
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Figure 2. SiC F320 particles after treatment in a thermal plasma jet showing (a) condensated particles
and (b) a particle’s surface morphology.

During the spray drying process, agglomerated spherical particles with the size 10–80 μm
(Figure 3) were fabricated. The agglomerated particle surface consists of evenly distributed fine
particles (Figure 3b). Two types of particles can be distinguished by their size: coarse particles (1–4 μm)
and fine particles of submicron size. The fine particles fill the voids between the coarse particles.

Figure 3. Powder particles obtained by spray drying of 95% SiC-5% Si slurry with polyvinyl alcohol
(PVA) as the binder: (a) general view and (b) a particle’s surface morphology.

Figure 4 shows the spherical powder particles obtained by the treatment of spray dried powders
in a thermal argon hydrogen plasma jet. The obtained powder particles do not have internal voids and
feature a homogeneous chemical distribution as confirmed by SEM investigations with back-scattered
electrons. Local sintering of SiC particles occurs during the plasma treatment, which results in necking
between the adjacent particles. During the plasma treatment, silicon melted and binded the SiC
particles, while the binder dissociated with the formation of carbon. Carbon reacted with silicon and
formed a reactive-bonded SiC. Similarly, the formation of β-SiC was reported in [34] when SiO and C
powders were treated in a radiofrequency thermal plasma. The particle size distribution of the obtained
powder after the plasma treatment was the following: d10 = 24.4 μm, d50 = 49.5 μm, d90 = 89.9 μm.
The amount of powder particles below 10 μm was about 1.8% vol. The apparent density of the powder
was 0.69 g/cm3, which is lower compared to the initial F320 powder due to finer SiC particles forming
the spherical particles.
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Figure 4. SiC powder particles after spray drying and plasma treatment: (a) general view and (b) a
particle’s surface morphology.

As expected, during the plasma treatment of the spray dried powder, pure silicon was melted
and bonded the SiC particles (Figure 5). The presence of the silicon was confirmed by the X-ray
analysis illustrated below. At the same time, silicon partially reacted with the carbon formed from PVA
dissociation, which resulted in the formation of the secondary SiC.

Figure 5. SiC powder particles after spray drying and plasma treatment in secondary electrons (a) and
backscattered electrons (b).

SiC powders mixed with 30% vol. of SiC fibers were used for application in the binder jetting
process. Both irregular and spherical SiC powders were used to prepare the separate composite blends
as shown in Figure 6.
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Figure 6. Composite blends prepared from SiC powders with irregular (a) and spherical (b) particles
and 30% vol. of SiC fibers.

3.2. Densification of the SiCf/SiC Samples During Infiltration and Pyrolysis

The binder jetting process was used to prepare the samples from the composite blends. The samples
fabricated using irregular SiC particles had a bulk density of 1.34–1.39 g/cm3, while the samples
obtained using spherical SiC particles had a bulk density of 0.72 g/cm3, as measured using the
Archimedes method. The obtained density values correspond to 56–58% of porosity for the samples
with irregular-shaped particles and 76% for the samples with spherical particles. High porosity values
for the samples with spherical particles are due to the presence of submicron pores in the initial
spherical SiC particles after the plasma treatment.

The fabricated green samples were subjected to several cycles of SMP-10 infiltration and pyrolysis.
SMP-10 is known to have a good wetting ability that allows infiltrating very small pores [29]. During
the pyrolysis process, SMP-10 polycarbosilane in the sample’s pores forms into secondary silicon
carbide. Hence, the porosity of the samples decreases. Figure 7 shows the changes in density and
porosity of the samples after various numbers of infiltration and pyrolysis cycles. After the first
cycle, the density of SiCf/SiC samples, fabricated using irregular particles, increases from 1.36 g/cm3

to 1.71 g/cm3. The porosity decreases from 56% to 46%. For the samples fabricated using spherical
particles, the density increases from 0.72 g/cm3 to 1.81 g/cm3, decreasing the porosity from 76% to 46%.
The ceramic yield of the liquid polycarbosilane is approximately 60–70% [35,36]. Hence, a large volume
fraction of pores still remains after the pyrolysis. While increasing the number of infiltration and
pyrolysis cycles leads to higher density, the degree of impact decreases due to filling up the pores close
to the surface of the samples with the secondary SiC and preventing the SMP-10 to further infiltrate
the samples. Similarly, Halbig et al. [26] showed that the highest increase in density for binder jetted
SiC samples occurred in the first two infiltration steps. After the sixth cycle, the density and porosity
values for the sample fabricated from irregular particles reached 2.52 g/cm3 and 20%, respectively,
while for the sample fabricated from spherical particles the density and porosity were 2.21 g/cm3 and
24%, respectively. A similar trend was reported in [36], when SiCf/SiC composites were fabricated by
PIP of continuous SiC fiber preforms, however lower densities were achieved after the same number
of PIP cycles.
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Figure 7. Change in density (a) and porosity (b) of the SiCf/SiC samples with the number of infiltration
and pyrolysis cycles.

3.3. Microstructure Characterization

Figure 8 shows SEM images of the microstructure of the SiCf/SiC samples fabricated from spherical
particles after six cycles of infiltration and pyrolysis (Figure 8a), and the fracture surface of the sample
(Figure 8b). The microstructure features spherical SiC particles and separate SiC fibers with a small
amount of Si particles. After several infiltrations and pyrolysis cycles, SMP-10 polycarbosilane formed
a SiC phase, which resulted in partially closing the internal pores. The majority of the residual pores is
located in coarse spherical SiC particles remaining from the initial particles. These pores are filled up
during the first SMP-10 infiltration, which prevents further infiltration of these pores. The fracture
surface of the samples features the initial separate powder particles of SiC and SiC fibers that are
bonded by secondary SiC formed from SMP-10. There are also interconnected pores that might act as
stress concentrators during the load and initiate crack formation.

Figure 8. SEM images of the microstructure (a) and fracture surface (b) of the SiCf/SiC sample fabricated
from spherical particles after six infiltration and pyrolysis cycles.

In the case of the sample fabricated from irregular SiC powders, the microstructure features
SiC powder particles with the initial shape and separate SiC fibers. The secondary SiC also formed
between powder particles from SMP-10 after pyrolysis (Figure 9a). The pores are also present in the
sample, but visually, the sample obtained from irregular particles has a denser structure compared to
the sample obtained from spherical particles, which was confirmed by Archimedes measurements.
The fracture surface features the initial irregular SiC particles bonded by the secondary SiC, as well as
SiC fibers (Figure 9b).
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Figure 9. SEM-images of the microstructure (a) and fracture surface (b) of the SiCf/SiC sample fabricated
from irregular particles after six infiltration and pyrolysis cycles.

Figure 10 shows the XRD results for the initial powders and the fabricated samples. The XRD
pattern of the initial powder is characterized by the presence of two SiC modifications: α-SiC peaks
with Moissanite-6H and Moissanite-15R crystal structure with an approximate content of 95.6 and
4.4%, respectively. The initial α-SiC powder with Moissanite-6H crystal structure is characterized
by the following unit cell parameters: a = 0.3081 nm and c = 1.5114 nm; and Moissanite-15R crystal
structure has a = 0.3081 nm and c = 3.7782 nm. The samples 2–4 feature silicon with Fd-3m crystal
structure in the amount of 4.4–4.8%. Peak broadening occurred for the powders after spray drying is
associated with the coherent scattering region size decrease (down to 50.1 nm).

Figure 10. XRD results for the initial SiC powder (1), for the powder obtained by spray drying (2) and
plasma treatment (3), and for the samples fabricated by binder jetting followed by SMP-10 infiltration
and pyrolysis from spherical (4) and irregular (5) SiC powders.

The ratio of α-SiC content with Moissanite-6H and Moissanite-15R crystal structure in the samples
fabricated by binder jetting followed by SMP-10 infiltration and pyrolysis remained the same as in the
initial powders. The samples 4 and 5 have the following Moissanite-6H crystal unit cell parameters:
a = 0.3080 nm and c = 1.5107 nm, and a = 0.3080 nm and c = 1.5112 nm, respectively, which are close to
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the reference values for SiC. The coherent scattering region size values are 59.3 nm (for sample 4) and
134 nm (for sample 5). The XRD pattern for sample 4 is characterized by the increased background noise
at the peaks’ bottom, suggesting the presence of a small amount of amorphous SiC phase. No phase
transformations of silicon carbide were found for different samples.

3.4. Mechanical Properties

The three-point bending test results showed that the SiCf/SiC samples fabricated from the irregular
SiC particles have an average flexural strength of 118.7 MPa, while the samples fabricated from the
spherical SiC particles have an average flexural strength of 62.7 MPa, as shown in Figure 11. Both
materials demonstrate almost linear stress-displacement curves under the flexural load, indicating
brittle fracture.

Figure 11. Typical curves for flexural stress-displacement data obtained from the samples produced
using spherical and irregular SiC powder particles.

The lower flexural strength values for the samples obtained from spherical particles are the result
of a higher pore volume fraction. At the same time, microhardness and fracture toughness are higher
for these samples since the separate SiC particles are significantly finer in case of spherical particles,
which inhibits crack growth. The measured fracture toughness (shown in Table 2) for the samples from
spherical powders is comparable to the values achieved by Hayun et al. [37] for dense (3.18 g/cm3)
silicon carbide samples fabricated by spark plasma sintering; however, hardness and bending strength
values are notably lower. The binder jetted composite SiCf/SiC samples showed lower hardness and
flexural strength than sintered dense (>98% of the theoretical density) α-SiC material (around 30 GPa
hardness and 300 MPa four-point bending strength) [38]. However, the fracture toughness of the
binder jetted composite fabricated from the spherical powder is approximately two times higher.
The obtained flexural strength values are lower compared to the conventionally fabricated SiCf/SiC
composites. For example, tape-casted and hot-pressed SiC short-fiber-reinforced SiC composites
demonstrated a flexural strength of about 370 MPa [39], but their density was higher, which benefited
the mechanical properties. On the other hand, the fracture toughness of the hot-pressed composites
was lower (3.23 MPa·m1/2) compared to the binder jetted samples. Thus, a further investigation of
porosity reduction for binder jetted silicon carbide samples as well as heat treatment effects is necessary
to achieve enhanced mechanical properties of the binder jetted SiCf/SiC composite. Silicon melt
infiltration is one of the possible ways to reduce porosity and increase strength; however, the presence
of pure silicon would limit a maximum operating temperature [40]. Another approach to increase
the flexural strength of binder jetted SiCf/SiC samples might be to increase the volume fraction of SiC
fibers and deposit a protective coating on the fibers, which prevents degradation of the fibers and
improves the mechanical properties of CMCs as reported in [41,42].
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Table 2. Average values of microhardness and fracture toughness for SiCf/SiC samples.

SiC Powder Particles Hv. GPa Fracture Toughness K1C, MPa·m1/2

Irregular 11.6 3.58
Spherical 20.8 6.13

The presented approach to fabricate SiCf/SiC composite parts using binder jetting AM process
followed by polycarbosilane infiltration and pyrolysis was demonstrated using a turbine blade
prototype model as shown in Figure 12a for as-fabricated green-part and in Figure 12b for the part after
six cycles of infiltration and pyrolysis. The binder jetting process followed by several infiltration and
pyrolysis cycles has been shown to be a promising method to fabricate SiCf/SiC parts enabling complex
geometry of parts as well as good dimensional accuracy (about 150–200 μm) and surface finish.

Figure 12. As-fabricated SiCf/SiC turbine blade prototype (a) and the part after six cycles of infiltration
and pyrolysis (b).

4. Conclusions

The present paper demonstrates the feasibility of binder jetting AM of SiC fiber-reinforced SiC
composite material followed by polycarbosilane infiltration and pyrolysis. Both irregular and spherical
SiC powder particles were used for fabrication of the samples by binder jetting.

The spherical SiC powder particles were obtained by milling the initial irregular SiC powder
followed by spray drying and plasma jet treatment. It was demonstrated that the spray drying process
followed by thermal plasma treatment can be used for the manufacturing of spherical SiC powder
particles with a size of 10–80 μm.

The infiltration and pyrolysis of binder jetted SiCf/SiC samples result in a density increase and
porosity decrease due to the formation of a secondary SiC phase from SMP-10 polycarbosilane inside
the pores. The highest density values (2.52 g/cm3 and 2.21 g/cm3 for the samples fabricated from
irregular and spherical powders, respectively) were achieved after six infiltration and pyrolysis cycles.
The difference in the final densities is associated with the presence of submicron pores in spherical
powders, which inhibit the further filling of the pores with SMP-10.

The microstructure of the binder jetted samples consists of the initial SiC powder particles that
maintained their shape and SiC fibers bonded with a secondary SiC phase.

The three-point bending tests showed that the SiCf/SiC samples fabricated from the irregular SiC
particles have an average flexural strength of 84.3 MPa, and the samples fabricated from the spherical
SiC particles have an average flexural strength of 52.9 MPa. The lower flexural strength values for the
samples obtained from spherical particles are the result of higher internal porosity. Microhardness and
fracture toughness are higher for the samples fabricated from spherical particles, since the separate SiC
particles are significantly finer in this case, which inhibits crack growth.
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Abstract: In this paper, laser powder-bed fusion (L-PBF) additive manufacturing (AM) with a
high-temperature inductive platform preheating was used to fabricate intermetallic TiAl-alloy
samples. The gas atomized (GA) and mechanically alloyed plasma spheroidized (MAPS) powders
of the Ti-48Al-2Cr-2Nb (at. %) alloy were used as the feedstock material. The effects of L-PBF
process parameters—platform preheating temperature—on the relative density, microstructure,
phase composition, and mechanical properties of printed material were evaluated. Crack-free intermetallic
samples with a high relative density of 99.9% were fabricated using 900 ◦C preheating temperature.
Scanning electron microscopy and X-Ray diffraction analyses revealed a very fine microstructure
consisting of lamellar α2/γ colonies, equiaxed γ grains, and retained β phase. Compressive tests showed
superior properties of AM material as compared to the conventional TiAl-alloy. However, increased
oxygen content was detected in MAPS powder compared to GA powder (~1.1 wt. % and ~0.1 wt. %,
respectively), which resulted in lower compressive strength and strain, but higher microhardness
compared to the samples produced from GA powder.

Keywords: selective laser melting; additive manufacturing; titanium alloy; microstructure;
mechanical alloying

1. Introduction

Gamma TiAl-based intermetallic alloys are attractive materials for structural high-temperature
applications due to their high specific strength at room and elevated temperatures, good creep,
and oxidation resistance [1]. These properties make them promising candidates for replacing
nickel-based superalloys in gas turbine engines [2]. One of the most widely known γ-TiAl alloys
is the Ti-48Al-2Cr-2Nb (at. %) alloy, which is currently used by General Electric for low-pressure
turbine blades [3,4]. While TiAl alloys possess high strength, their poor ductility and brittleness at
room temperatures severely complicate their processability by conventional manufacturing techniques
and limit their application [5]. Casting followed by hot isostatic pressing (HIP) has been used to
conventionally fabricate TiAl alloy parts [6]; however, this approach has its limitations in terms of high
cost and design flexibility.

In recent years, additive manufacturing (AM) has been applied to manufacture various titanium
alloys [7–9] as well as titanium aluminide alloys [10–12]. AM is a promising way to manufacture
intermetallic alloy parts since it offers significant advantages in terms of design freedom and cost
reduction compared to conventional methods. However, high cooling rates typical for laser-based
powder bed fusion and directed energy deposition AM techniques lead to high residual stresses,
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which makes it difficult to produce crack-free intermetallic parts. Shi X. et al. [13] showed that it is
not possible to produce crack-free Ti-47Al-2Cr-2Nb alloy samples by the laser powder bed fusion
(L-PBF) using 200 ◦C preheating. The L-PBF of Ti-48Al-2Cr-2Nb alloy with 450 ◦C preheating resulted
in severe cracking formation, indicating that higher preheating temperatures must be utilized [14].
Selective electron beam melting (SEBM) has been proved feasible in fabrication of TiAl alloys [15–17].
Utilizing an electron beam to preheat the powder bed to temperatures around 1000 ◦C allows one
to drastically reduce residual stresses and suppress crack formation during the fabrication of TiAl
alloys. One disadvantage of SEBM process is its much lower geometrical precision compared to L-PBF
process. High-temperature powder bed preheating is required to produce crack-free TiAl alloys using
the L-PBF process. Platform preheating temperatures of 800–1000 ◦C with inductive heating have
been successfully used to obtain crack-free samples during the L-PBF of titanium aluminides [18,19].
However, microstructure and mechanical properties are still underexplored and require extensive
characterized to evaluate the feasibility of L-PBF for manufacturing of TiAl alloys.

Another concern for further development of AM TiAl is the commercial availability of intermetallic
alloys powders with properties suitable for their application in AM. Gas and plasma atomization
are currently the most common processes used for the fabrication of spherical powders for L-PBF or
SEBM technologies [20,21]. While atomization techniques allow manufacturing of spherical powders,
these technologies are rather costly, especially considering the complex compositions of intermetallic
alloys. Mechanical alloying (MA), followed by the plasma spheroidization (PS) process, is an alternative
approach to obtain spherical powders with reduced costs for application in AM [22,23]. Irregular MA
powders are treated in a high-temperature plasma jet, resulting in rapid melting and solidification
and leading to spherical powders [24]. Application of MA plasma spheroidized (MAPS) powders in
L-PBF or SEBM processes can lead to lower cost of these techniques. However, the microstructure and
properties of alloys fabricated by AM from MAPS powders are yet to be evaluated and compared to
gas atomized (GA) powders to assess the feasibility of such an approach.

The objective of this paper is to evaluate the feasibility of L-PBF process to fabricate crack-free
Ti-48Al-2Cr-2Nb alloy from different feedstock powders and using an inductive high-temperature
platform preheating. Two types of powders are used: a commercially available GA powder and an
in-house produced MAPS TiAl-alloy powder. The effects of L-PBF process parameters and preheating
temperature on fabricated TiAl-alloy microstructure and mechanical properties are investigated.

2. Materials and Methods

2.1. Materials

Two types of powders were used in the study to fabricate the samples by L-PBF process. The GA
powder of Ti-48Al-2Cr-2Nb alloy supplied by AMC Powders (Beijing, China) and produced by
electrode induction gas atomization (EIGA) had the following particle size distribution: d10 = 17.4 μm,
d50 = 33.8 μm, d90 = 60.5 μm. Further description of the powder’s composition and morphology is
presented in Section 3.1. The second powder of TiAl-alloy was produced in-house by MA and PS
processes. Preliminary experiments of the MA process were carried out using a Fritsch Pulverisette 4
planetary mill by milling the elemental powders of Ti, Al, Cr, and Nb (with 99.9% purity) blended
with the proportion of Ti-48Al-2Cr-2Nb (at. %) alloy. A more detailed description of the MA process
and characterization of the powders can be found in [25]. A dry grinding SD5 laboratory attritor
produced by Union Process (Akron, OH, USA) was used for MA. The elemental powder blend was
milled for 12 h in an argon atmosphere with the rotation speed of 270 rpm and 20:1 ball to powder mass
ratio using stainless steel balls with 10 mm diameter. After the MA process, the powder was sieved
to 0–71 μm fraction and subjected to PS using the TEK-15 system (Tekna, Sherbrooke, QC, Canada).
The Ar-He gas was used as the plasma forming gas. The powder feeding rate was set to 15 g/min and
the plasma torch power was 15 kW. The final particle size distribution of the MAPS powder was the
following: d10 = 9.7 μm, d50 = 33.3 μm, d90 = 67.7 μm.
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2.2. Laser Powder-Bed Fusion

The L-PBF process was carried out using AconityMIDI (Aconity3D GmbH, Herzogenrath,
Germany) system. The system is equipped with a 1070 nm wavelength fiber laser with a maximum
power of 1000 W. Cylindrical samples with a 10 mm diameter and 10 mm height were fabricated
for further investigation. The samples were fabricated on a Ti-6Al-4V substrate, which was put on a
molybdenum platform. The molybdenum substrate was inductively preheated to a set temperature,
which was continuously controlled by a thermocouple under the molybdenum platform. The titanium
substrate was then conductively heated by the molybdenum substrate before starting the L-PBF process.
The process chamber was continuously flooded with high purity argon gas to achieve oxygen content
in the chamber below 20 ppm. After the build process was finished, the platform and the samples
were cooled to room temperature with a cooling rate of approximately 5 ◦C/min.

The platform preheating temperature was varied from 600 to 900 ◦C and the scanning speed
(S) was varied from 650 to 1250 mm/s, while the laser power (P), hatching distance (HD), and layer
thickness (L) were set to a fixed value for most of the samples. The laser spot diameter was set to
~80 μm for most of the samples. A chessboard scanning pattern with 5 × 5 mm2 squares and a rotation
angle of 67 ◦C was used for the L-PBF process. The L-PBF processing parameters used to produce the
samples from the MAPS and the GA powders are shown in Table 1. The values were chosen based on
the preliminary results and the published data on L-PBF of TNBV4 alloy [26].

Table 1. The L-PBF process parameters used for to produce the samples.

Parameter
Set

P, W S, mm/s HD, mm L, mm
VED,

J/mm3

Laser Spot
Diameter,

μm

Preheating
Temperature,

◦C
Feedstock

Powder

1_600 150 800 0.11 0.03 57

80

600

GA, MAPS

2_600 150 650 0.11 0.03 70
3_600 150 1000 0.11 0.03 45
4_600 150 1250 0.11 0.03 36
5_600 150 950 0.11 0.03 48
6_600 150 750 0.11 0.03 61
1_800 150 800 0.11 0.03 57

800

2_800 150 650 0.11 0.03 70
3_800 150 1000 0.11 0.03 45
4_800 150 1250 0.11 0.03 36
5_800 150 950 0.11 0.03 48
6_800 150 750 0.11 0.03 61
1_900 150 800 0.11 0.03 57

900

2_900 150 650 0.11 0.03 70
3_900 150 1000 0.11 0.03 45
4_900 150 1250 0.11 0.03 36
5_900 150 950 0.11 0.03 48
6_900 150 750 0.11 0.03 61
Large
spot 850 330 0.45 0.09 64 500 800 GA

One sample was fabricated using GA powder and a large laser spot diameter of 500 μm (further
denoted as “Large spot”) and increased laser power and layer thickness values, while the volume
energy density (VED) was at a similar value as for the samples produced with 80 μm spot diameter (see
Table 1). The larger spot was used in order to investigate how the microstructure of a TiAl-alloy can be
varied by using an increased laser spot diameter coupled with high laser power and increased layer
thickness. As demonstrated in the previous study, L-PBF processing with increased power energy can
result in a strongly textured coarse microstructure, as shown in the case of Inconel 718 alloy [27,28].

2.3. Characterization

The as-fabricated samples were cut and polished along the build direction (BD) for the
microstructural characterization. Mira 3 LMU (TESCAN, Brno, Czech Republic) scanning electron
microscope (SEM) in the backscattered electrons (BSE) mode was utilized to evaluate the microstructures

97



Materials 2020, 13, 3952

of non-etched samples. Energy Dispersive Spectroscopy (EDS) was used for the chemical analysis of
the samples and powders on the polished cross-sections.

The phase composition of the powders and the fabricated samples was analyzed with a Bruker
D8 Advance X-ray diffraction (XRD) (Bruker, Germany) using Cu-Kα (λ = 1.5418 Å) irradiation.

The relative density was measured by a standard metallographic technique, which includes taking
a minimum of five different locations of the polished samples with an optical microscope (OM) Leica
DMI5000 () at 50×magnification. The OM images were then used to isolate the pores from the bulk
material (Leica, Wetzlar, Germany) using ImageJ software. The calculated fraction of the image defined
as bulk materials was used as the relative density value. General Electric (Boston, MA, USA) Phoenix
Vtomex Computed Tomography (CT) System was used for X-ray microtomography analyses (CT) of
the samples with a voxel size of 10 μm. Avizo software was used to visualize the CT-data and evaluate
the porosity of the samples.

The oxygen content in the powder and the fabricated samples was measured using the inert-gas
fusion-infrared (IGF) method with a LECO TC-500 analyzer (LECO, St Joseph, MI, USA).

The microhardness of the samples was measured using a Buehler VH1150 testing machine with
300 g load and 10 s dwell time.

L-PBF process parameter sets that produced the sample with the highest relative density were then
used to fabricate cylindrical samples with 4 mm diameter and 20 mm height for the compression tests.
The samples were cut by electrical discharge machining to achieve 5 mm height. Room temperature
compression tests were performed using a universal testing machine (Zwick/Roell Z100, Ulm, Germany)
with a strain rate of 0.1 mm/min. A minimum of three samples per point were tested.

3. Results and Discussion

3.1. Powder Characterization

The particle size distribution of gas atomized (GA) powder was found to be d10 = 17.4 μm,
d50 = 33.8 μm, d90 = 60.5 μm. As can be seen in Figure 1, the GA particles have a spherical shape and
dendritic surface morphology, while the cross-section shows a typical for the GA process dendritic
microstructure [29,30]. The chemical composition of the powder is shown in Table 2.

Figure 1. Scanning electron microscope (SEM) images of the gas atomized powder (GA) showing
(a) surface morphology and (b) cross-section of a particle.

Table 2. The chemical composition of mechanically alloyed plasma spheroidized (MAPS) and
GA powders.

Powder
Measured by EDS Measured by IGF

Ti, at. % Al, at. % Nb, at. % Cr, at. % O, wt. %

MAPS 51.6 ± 0.3 43.7 ± 0.3 2.0 ± 0.1 2.2 ± 0.1 1.1 ± 0.1
GA 50.2 ± 0.2 45.7 ± 0.3 2.1 ± 0.1 2.1 ± 0.1 0.07 ± 0.01
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The particle size distribution of mechanical alloyed plasma spheroidized (MAPS) powder was
found to be d10 = 9.7 μm, d50 = 33.3 μm, d90 = 67.7 μm. The particles also have a spherical shape
and dendritic surface morphology (Figure 2a). A significant difference from the GA powder is the
presence of small oxides inside the particles, which can be seen as black precipitates in the cross-section
image (Figure 2b). The presence of oxides can be attributed to an increased oxygen content as shown
in Table 2. The oxygen pickup most likely occurred during the MA process. Al was partially lost
during the PS process. Thus, further optimization of the process may be carried out to obtain a proper
chemical composition.

Figure 2. SEM images of the mechanically alloyed plasma spheroidized (MAPS) powder showing
(a) surface morphology and (b) cross-section of a particle.

The XRD pattern of the GA powder shows peaks corresponding to α/α2-phase with a hexagonal
lattice and a small peak corresponding to β-phase with a body-centered cubic (BCC) lattice (Figure 3).
The GA process is characterized by high cooling rates during the solidification of powders preserving
the α/α2-phase. The phase composition of MAPS powder is characterized by the presence of α2

(Ti3Al-based) and γ (TiAl-based) phases. The presence of the ordered α2-phase instead of α-phase can
be confirmed by identifying the most intense superlattice α2 peak [31], which is seen in the case of the
MAPS powder. The difference in the phase composition between GA and MAPS powders might be the
result of Al and O content differences. As shown in [32], an increase of oxygen content can decrease
the volume fraction of γ-phase and increase the volume fraction of hexagonal α/α2-phase.
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Figure 3. X-ray diffraction (XRD) patterns of MAPS and GA powders.

3.2. Densification via Laser Powder-Bed Fusion

Figure 4 shows the effect of platform preheating temperature on the formation of cracks in samples
fabricated from the MAPS powder. As can be seen in Figure 4a, severe cracking is observed when a
relatively low preheating temperature of 600 ◦C was used during the L-PBF process. Increasing the
preheating temperature to 800 ◦C significantly reduced the number of cracks; however, occasional
horizontal cracks perpendicular to the BD were still present. Further increase in the preheating
temperature up to 900 ◦C resulted in elimination of cracks. This is in agreement with the brittle-ductile
transition temperature (BDTT) of the TiAl-alloy, which is around 750–780 ◦C [33]. Increased ductility
above the BDDT allows the material to accommodate high stresses during L-PBF and avoid cracking.
Similar results were obtained in [18] when the Ti-44.8Al–6Nb–1.0Mo–0.1B (at. %) powder was processed
by L-PBF at 800 ◦C platform preheating. It should be noted that occasional horizontal cracks were still
present on the edges of the specimen, likely due to a high thermal gradient (Figure 4b). Similar results
in terms of cracks formation were obtained for the GA powder. Further investigation of the relative
density was carried out only on the samples fabricated at 800 and 900 ◦C preheating temperatures.

Figure 4. Optical images of the cross-sections of the samples fabricated from MAPS powder. The images
show representative cross-sections of the samples obtained using different preheating temperatures:
(a) 600 ◦C (sample 1_600), (b) 800 ◦C (sample 1–800), (c) 900 ◦C (sample 1_900).

Figures 5 and 6 show the effect of scanning speed on the relative density of the samples fabricated
using the MAPS and the GA powders, respectively. In the case of the MAPS powder, the highest
relative density (99.75 ± 0.05%) was achieved at 650 mm/s scanning speed (which corresponds to
70 J/mm3 VED) for both 800 and 900 ◦C preheating temperatures. Using the GA powder resulted in an
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overall higher relative density values (all values were higher than 99.6%). The highest relative density
of 99.94 ± 0.05% was obtained at 800 ◦C preheating temperature and 950 mm/s scanning speed which
corresponds to 48 J/mm3 VED. In general, a higher preheating temperature resulted in a slightly higher
porosity, which suggests that some overheating might have taken place during the L-PBF and led to
formation of keyhole pores. At the same time, applying high scanning speed of 1250 mm/s resulted in
an increased porosity for both powders, which might be the result of insufficient melting or melt pool
instability [34,35].

Figure 5. Effect of scanning speed and platform preheating temperature on the relative density of the
samples fabricated from MAPS powder with cross-section images showing typical pore distribution.

Figure 6. Effect of scanning speed and platform preheating temperature on the relative density of the
samples fabricated from GA powder with cross-section images showing typical pore distribution.

The samples fabricated from the MAPS and the GA powders having the highest relative densities
were taken further for the CT-investigation. The results (Figure 7) showed that the median size of the
pores was around 40 μm for the MAPS sample and around 15 μm for the GA sample. The porosity
volume was visibly lower in the case of the GA sample compared to the MAPS sample, which is
compliant with the metallographic measurements. The pores were found to be mostly spherical,
suggesting that these are gas pores formed due to entrapped gas originating from the argon gas or melt
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pool vaporization [36]. A few lack-of-fusion defects were also found for both samples, indicating poor
bonding defects or incomplete melting of some powders [37]. According to the CT-results, the GA
sample had porosity volume less than 0.1%, while the MAPS sample had porosity volume of around
0.3%. Higher porosity in MAPS samples might be attributed to an increased oxygen in the feedstock
powder, as well as the initial porosity from the powder. This correlates with the results obtained by Li
et al. [38], where they showed that a powder with lower oxygen content resulted in better densification
during L-PBF of 316L alloy.

Figure 7. Computer tomographic reconstruction of the porosity volume in the samples produced from
(a) MAPS powder (sample 2_800) and (b) GA powder (sample 5_800).

3.3. Microstructural Characterization

Figure 8 shows microstructure of the TiAl-alloy fabricated from MAPS powder at 800 ◦C (Figure 8a)
and 900 ◦C (Figure 8b) preheating temperatures. According to the Ti-Al phase diagram [39], these
temperatures correspond to the α2+γ phase field. In both cases, the alloy has a very fine duplex
microstructure consisting of lamellar α2/γ colonies (gray), equiaxed γ grains (dark gray), and residual
β phase (white) as confirmed by the XRD results (Figure 9). Retained β-phase was also found
in the microstructure of the SEBM-processed Ti-48Al-2Cr-2Nb alloy in the paper [10]. While the
Ti-48Al-2Cr-2Nb is an α-solidifying alloy, high cooling rates during the L-PBF process can induce
solidification of a metastable β-phase. As shown in Table 3, there is Al loss of about 2–3 at. % in the
samples fabricated from MAPS powder compared to the initial powder. Reducing the Al concentration
to about 40–41 at. % leads to the solidification through the Ti-rich side of the peritectic reaction and
formation of the β-phase. The retained β-phase in the TiAl-alloy can increase its ductility, however the
strength at room and elevated temperatures can be worsened due to refractory elements segregation
and reduced solid solution strengthening in the lamellar regions [40]. Thus, a subsequent heat treatment
should be considered to transform the metastable β-phase in the TiAl alloy.

According to the XRD results (Figure 10), the alloy has some oxides corresponding to the TiO
phase. The oxides mostly likely originated from the initial powder; however, some oxygen pickup
during the L-PBF process could take place as well. The oxygen measured by LECO analysis showed
that samples fabricated from MAPS powder had oxygen content around 1.3 wt. %, while samples
fabricated from GA powder had 10 times lower oxygen content (~0.14 wt. %).
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Figure 8. BSE-SEM images showing microstructures of the samples fabricated from the MAPS powder
at (a,b) 800 ◦C (sample 2_800) and (c,d) 900 ◦C preheating temperature (sample 2_900).

Figure 9 shows microstructures of the samples fabricated from GA powder at 800 ◦C and 900 ◦C
preheating temperatures. The obtained microstructure is similar to MAPS samples and mainly consists
of lamellar α2/γ colonies, equiaxed γ grains, and the retained β phase. Crescent-shaped melt pool
boundaries with a width of about 80–90 μm can be found in the microstructure as shown in Figure 9a.
There were no oxide precipitates found in the case of GA powder due to relatively low oxygen content in
the initial powder. Compared to the MAPS samples, the amount of retained β phase is visibly lower in
GA samples since their Al content is higher (as can be seen from Tables 3 and 4) and the solidification is
expected to take place mainly through the α phase region. However, when the preheating temperature
was increased to 900 ◦C from 800 ◦C the amount of β phase visibly increased.

The microstructure of the samples fabricated from GA powder shows fewer lamellar α2/γ colonies
compared to the MAPS samples. This could due to lower oxygen content in the GA samples since a
decreased oxygen content leads to an increased γ-phase volume fraction in TiAl-alloys [32]. XRD results
(Figure 10) confirmed that samples fabricated from GA powder consist mainly of γ phase (TiAl) and
α2 (Ti3Al) phase.
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Figure 9. Backscattered electrons (BSE) SEM images showing microstructures of the samples fabricated
from GA powder at (a,b) 800 ◦C (sample 5_800) and (c,d) 900 ◦C preheating temperature (sample 5_900).

Figure 10. XRD patterns of the samples fabricated from GA and MAPS powders.

Figure 11 shows the microstructure of the “Large spot” sample fabricated from the GA powder
using a laser spot diameter of about 500 μm. In this case, the melt pool width was roughly about
500–600 μm as can be seen in Figure 11a. Larger melt pool during the L-PBF process is expected to result
in lower cooling rates and, subsequently, a coarser microstructure [41]. The obtained microstructure is
highly inhomogeneous and consists of various layered regions. There are coarse columnar γ grains
inside the melt pool growing towards the middle of the melt pool, as can be seen in Figure 11b.
A fine-grained zone can be seen underneath the melt pool boundary, which likely formed during
recrystallization in a heat-affected zone (HAZ). The L-PBF involves repetitive heating and cooling
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resulting in a complex thermal history. This leads to intrinsic non-uniform heat treatment during the
L-PBF process. A similar alternative-band microstructure of the Ti-47Al-2Cr-2Nb alloy was observed
after direct laser deposition in [42] and the authors attributed it to the effect of cyclic heat treatment
derived from multiple laser exposure. The deposition and laser exposure of the next layers leads to
heating the underlying solidified material. In this HAZ the material reaches α-transus temperature,
then cools down into α+γ region resulting in a refined microstructure [10].

Al-rich and Al-poor regions can be distinguished from the BSE-SEM images of the “Large spot”
sample. Al-rich zone is seen at the bottom of a melt pool as a dark band while the Al depletion
is observed at the top of the melt pool, as can be seen in Figure 11d. It suggests that the Al loss
occurred mostly closer to the surface of a melt pool. The overall Al loss in “Large spot” sample was
around 3 at. % compared to the initial powder (Table 4). Al segregation in the L-PBF-processed
Ti-6Al-4V alloy samples was observed in [43] resulting in dark bands at the bottom of a melt pool.
Similarly, SEBM resulted in a banded, inhomogeneous microstructure of a γ-TiAl based alloy due
to the vaporization of Al [44]. Al-rich regions consist of lamellar α2/γ colonies as can be seen in
Figure 11c, while Al-poor regions have lamellar colonies surrounded by the retained β phase as shown
in Figure 11e. The differences in microstructures between Al-rich and Al-poor areas are in a good
agreement with the Ti-Al phase diagram [45].

Figure 11. BSE-SEM images showing the microstructure variation in the “Large spot” sample produced
from GA powder: (a) a general view, (b) a magnified area showing a melt pool section, (c) Al-rich area,
(d) a melt pool boundary, (e) Al-poor area

Table 3. The chemical composition (in at. %) of the samples fabricated from MAPS powder at different
preheating temperatures.

Preheating Temperature, ◦C Ti Al Nb Cr O

600 55.2 ± 0.1 40.4 ± 0.1 2.0 ± 0.1 2.2 ± 0.1 –
800 53.8 ± 0.2 41.6 ± 0.2 2.3 ± 0.1 2.0 ± 0.2 0.14 ± 0.02
900 54.3 ± 0.1 40.9 ± 0.1 2.1 ± 0.2 2.2 ± 0.1 0.13 ± 0.02

Table 4. The chemical composition (in at. %) of the samples fabricated from GA powder using different
laser spot diameters.

Sample Ti Al Nb Cr

Small spot, 80 μm (Sample 5_800) 50.5 ± 0.1 45.3 ± 0.2 2.1 ± 0.1 2.1 ± 0.1
Large spot, 500 μm 52.9 ± 0.2 42.3 ± 0.3 2.0 ± 0.1 2.2 ± 0.1
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3.4. Mechanical Properties

Table 5 presents the results of room temperature compressive tests of the samples fabricated using
GA and MAPS powders. High ultimate compressive strength values were obtained for both GA and
MAPS samples, which were 2277 ± 71 MPa and 1910 ± 37 MPa, respectively. The compressive strain
values were around 32%–35% for the GA samples and 15%–17% for the MAPS. Using the GA powder
resulted in both higher compressive strength and strain. This can be explained by an increased oxygen
content in MAPS powder, which is known to embrittle TiAl-alloys [46], as well as a higher β-phase
content in MAPS samples, which is softer than intermetallic γ and α2 phases [47] and can reduce the
strength of the alloy. The overall room temperature compressive performance of the samples fabricated
by L-PBF with a high-temperature preheating showed promising results and exceeded the compressive
strength of SEBM samples and showed significantly better results than the samples fabricated by L-PBF
with a non-preheated platform [48]. The GA samples also showed superior compressive performance
compared to the conventional TiAl-alloy [49] and SEBM Ti-48Al-2Cr-2Nb alloy [50].

Table 5. Comparison of room temperature mechanical properties of TiAl alloy manufactured by
different processes.

Material Condition
Ultimate Compressive

Strength, MPa
Compressive

Strain, %

Ti-48Al-2Cr-2Nb (GA
powder, this study)

As-fabricated, 900 ◦C
preheating 2277 ± 71 32–35

Ti-48Al-2Cr-2Nb (MAPS
powder, this study)

As-fabricated, 900 ◦C
preheating 1910 ± 37 MPa 15–17

Ti-48Al-2Cr-2Nb (SEBM)
[48] As-fabricated 1800 40

Ti-48Al-2Cr-2Nb (L-PBF)
[48]

As-fabricated, no
preheating 612 ± 56 1,98 ± 0.55

Ti-48Al-2Cr-2Nb (SEBM)
[50] Heat-treated 2068 25

Ti-48Al-2Cr-2Nb (casted)
[50] As-fabricated 1153 ~6

The microhardness variation over a range of 1.5 mm along the BD was measured for different
samples, as shown in Figure 12. All samples demonstrated a fluctuating microhardness profile, which
is associated with the microstructural inhomogeneity. A similar microhardness variation along the
BD was obtained in [42] for the direct laser deposited Ti-47Al-2Cr-2Nb alloy, with an average value
of 400 HV. The highest mean microhardness values were obtained for the samples fabricated from
MAPS powder: 584 HV and 552 HV for 800 ◦C and 900 ◦C preheating temperatures, respectively.
This correlates well with the oxygen content in the samples: higher microhardness was obtained for
the samples with higher oxygen content. As shown in [51] for the Ti-48Al-2Cr-2Nb alloy, an increase in
oxygen content increases α2 phase volume fraction that has higher hardness compared to γ phase.
At the same time, decreased Al content in MAPS samples could prevent the formation of γ-phase,
resulting in a higher α2-phase volume fraction and higher microhardness.

The samples fabricated from GA powder showed mean microhardness around 440 HV,
which is higher than as-fabricated SEBM (253 HV) and conventional (371 HV) TiAl-alloy [50].
Higher microhardness might be attributed to a very fine microstructure in the case of the L-PBF.
High microhardness can be beneficial for wear performance [52]; however, it also suggests increased
brittleness and reduced ductility [51]. Thus, a more complex mechanical properties characterization
is recommended.
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Figure 12. Microhardness variation along the build direction of the samples manufactured from MAPS
powder and GA powder. The dashed lines correspond to the mean values: red—for the samples
fabricated at 800 ◦C, black—at 900 ◦C, blue—using the large laser spot size.

4. Conclusions

In this work it was demonstrated that pre-alloyed spherical GA and MAPS powders of TiAl-based
alloy can be used to fabricate crack-free samples using the L-PBF process with high-temperature
platform preheating. The following main conclusions were drawn:

1. Crack-free samples were fabricated with 900 ◦C platform preheating temperature. The highest
relative density of 99.9% was obtained with GA powder at 48 J/mm3 VED and 99.7% with MAPS
powder at 70 J/mm3.

2. Very fine microstructures consisting of lamellar α2/γ colonies, equiaxed γ grains, and retained β

phase were obtained in all samples. Al loss during the L-PBF process led to the shift in the solidification
route and resulted in the formation of the retained β phase. Increased oxygen content in the initial
powder led to the formation of small oxides and an increased α2 volume fraction.

3. Using an increased energy input during the L-PBF with a large laser spot size resulted in an
inhomogeneous microstructure consisting of Al-rich and Al-poor regions. Regions with lamellar α2/y
colonies and equiaxed α2 grains surrounded with retained β phase depending on the Al concentration
were found in the microstructure. There were coarse columnar and refined γ grains as a result of
repetitive heating and cooling during the L-PBF.

4. The fabricated samples showed high ultimate compressive strength and strain values.
The samples fabricated from GA powder demonstrated superior compressive performance compared
to the samples from the MAPS powder. Both alloys showed superior compressive properties compared
to the conventional TiAl-alloy.

5. The samples fabricated from the MAPS powder had higher microhardness due to the increased
oxygen content and α2 volume fraction.

6. Further investigation will be focused on a more detailed characterization of mechanical
properties at room and elevated temperatures including tensile behavior, as well as the effects of heat
treatment on microstructure and properties of the TiAl-alloy.
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Abstract: This paper presents the results of selective laser melting (SLM) process of a nitinol-based
NiTiNb shape memory alloy. The eutectic alloy Ni45Ti45Nb10 with a shape memory effect was
obtained by SLM in-situ alloying using a powder mixture of NiTi and Nb powder particles. Samples
with a high relative density (>99%) were obtained using optimized process parameters. Microstruc-
ture, phase composition, tensile properties, as well as martensitic phase transformations temperatures
of the produced alloy were investigated in as-fabricated and heat-treated conditions. The NiTiNb
alloy fabricated using the SLM in-situ alloying featured the microstructure consisting of the NiTi
matrix, fine NiTi+β-Nb eutectics, as well as residual unmelted Nb particles. The mechanical tests
showed that the obtained alloy has a yield strength up to 436 MPa and the tensile strength up to 706
MPa. At the same time, in-situ alloying with Nb allowed increasing the hysteresis of martensitic
transformation as compared to the alloy without Nb addition from 22 to 50 ◦C with an increase in Af

temperature from −5 to 22 ◦C.

Keywords: additive manufacturing; powder bed fusion; nitinol

1. Introduction

NiTi nitinol-based alloys are among the most important shape memory and super-
plastic materials and are of considerable interest for potential applications in aerospace
and biomedical fields [1,2]. Nitinol has found its practical applications in the aircraft
industry for thermo-power actuators, thermomechanical connectors, in medicine for stents,
constrictive fixators, and other medical devices [3,4]. Nitinol-based alloys, unlike Fe- and
Cu-based shape memory alloys, are characterized by high strength and ductility and have
high corrosion resistance and biocompatibility. However, brittle secondary phases such
as the metastable compound Ni4Ti3, which can decompose into Ni3Ti2 and Ni3Ti with
increasing temperature, are commonly observed in NiTi-based alloys [5,6]. These phases
increase the hardness of the material, but reduce the ductility of NiTi alloys, limiting their
application. In this regard, it is relevant to introduce secondary phases with high hardness
into the matrix of NiTi-based alloys while maintaining or slightly reducing the level of
ductility.

It is known that Nb plays an important role in nitinol-based alloys because the addi-
tion of Nb increases the hysteresis of martensitic transformation [7]. Besides, the addition of
Nb improves the biocompatibility of NiTi-based alloys [8]. Extension of the temperature in-
terval of martensitic transformation can be used in the manufacture of connecting elements
or seals [9]. Ni47Ti44Nb9 alloy is a classic nitinol-based shape memory alloy characterized
by an in situ composite microstructure [7]. It is known that the microstructure of the alloy
with shape memory effect Ni47Ti44Nb9 consists of NiTi matrix and β-Nb phase [10]. The
presence of β-Nb is known to have a significant effect on the shape memory effect and
mechanical properties of the alloy [11]. Nb exhibits different properties from the NiTi
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matrix with a shape memory effect [12]. The presence of Nb as a second phase (β-Nb) or as
a solution is the primary reason for transformation hysteresis expansion in NiTiNb shape
memory alloys [10].

Conventionally, Ni47Ti44Nb9 alloy parts are made by casting or sintering powder
materials, which have limitations in terms of part geometry, as well as control of their
microstructure and properties [13–15]. In this regard, it is promising to use additive
manufacturing (AM) techniques, in particular, the selective laser melting (SLM) method
for the manufacture of parts from alloys with the shape memory effect [16].

The SLM process uses metallic powders as a feedstock material. Various research
works have shown that pre-alloyed powders allow obtaining a material with a more
homogeneous microstructure and stable mechanical properties [17–19]. However, the
production of pre-alloyed powders is usually time and labor consuming, especially in the
case of custom alloys. The use of an elemental powder blend in the SLM process is an
alternative option that can be used for in-situ synthesis or in-situ alloying during the SLM
process to obtain a material with a required composition [20–22]. At the same time, rapid
solidification and cooling rates typical for the SLM process lead to insufficient diffusion
of elements with high melting points, which causes a heterogeneous microstructure. In
this regard, additional heat treatment can be applied to improve the chemical homogeneity
of the material [23,24]. AM methods, such as SLM or Direct Energy Deposition (DED),
involve repetitive heating and high solidification rates leading to distinctive microstructural
features of nitinol alloys [25]. For example, rapid solidification promotes the formation of a
supersaturated solid solution matrix [25]. At the same time, various process parameters
can result in different microstructures and phase composition of nitinol alloys [26], as well
as different Ni content resulting in significant changes in transformation behavior [16].

In this work, the feasibility of the SLM process to produce a nitinol-based shape
memory alloy via in-situ alloying by Nb was investigated. Using a powder blend of NiTi-
alloy and pure Nb, the influence of the SLM process parameters on the sample’s density
was studied. Microstructure, phase composition, mechanical properties, and martensitic
phase transformation temperatures were studied for the NiTiNb alloy in the as-fabricated
and heat-treated conditions.

2. Materials and Methods

The following materials were used as feedstock materials: gas atomized NiTi alloy
powder with a nickel content of 51.4% (at.) and niobium powder with a purity of 99.8%.
The NiTi powder had the following particle size distribution: d10 = 27.2 μm, d50 = 50.0
μm, and d90 = 84.9 μm. The niobium powder in the initial state had a spherical particle
shape and was pretreated in a thermal plasma jet using Tekna Tek-15 (Sherbrooke, QC,
Canada) plasma spheroidization unit to obtain spherical particles. The details of the plasma
spheroidization process can be found in [27]. The final niobium powder had the following
particle size distribution: d10 = 15.5 μm, d50 = 35.5 μm, and d90 = 72.8 μm. Particle size
distribution of the powders was measured by laser diffraction technique with Analysette
22 NanoTec (Fritsch, Idar-Oberstein, Germany).

NiTi and Nb powders were mixed in 85% NiTi: 15% Nb weight ratio for 12 h using a
tumbler mixer to obtain a powder blend with Ni47Ti44Nb9 composition. Figure 1a shows a
scanning electron microscope (SEM) image of the NiTi and Nb powder blend. The NiTi
powder particles have a spherical shape, while some Nb particles have irregular shape
due to incomplete spheroidization. Figure 1b,c shows the distribution of Ti, Ni, and Nb
elements in the powder blend demonstrating that Nb particles were fairly distributed
among the NiTi powder.

The NiTiNb alloy samples were manufactured from the prepared powder blend using
AconityMIDI (Aconity3D GmbH, Herzogenrath, Germany) SLM system with varying
process parameters. Samples with the size of 10 × 10 × 10 mm3 were produced to study
the microstructure, phase composition, and density of the material. Two groups of samples
were fabricated, the difference between which is the use of different powder layer thickness
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and the laser beam spot size. Laser power, scanning speed, and hatch distance were also
varied. The SLM process parameters used in the study are shown in Table 1. Sets A, B,
and C use standard laser spot size (~70 μm) and sets G, K, and J use increased laser spot
size with an unfocused beam (~300 μm). The volume energy density (VED) calculated
according to a standard equation [28,29] was used as a parameter to investigate the effects
of SLM process parameters on the samples’ density.

Figure 1. (a) SEM-image of the NiTi-Nb powder blend and chemical distribution of the elements in
the blend: (b) blue—Ti and red—Nb and (c) green—Ni and red—Nb.

Table 1. SLM process parameters used to fabricate the samples.

Process Parameter
Set

Power (W)
Scanning Speed

(mm/s)
Hatch Distance

(μm)
Layer Thickness

(μm)
VED (J/mm3)

A1 200 600 120

50

55.6

A2 200 650 120 51.3

A3 200 700 120 47.6

B1 180 600 120 50.0

B2 240 600 120 66.7

C1 200 600 100 66.7

C2 200 600 90 74.1

D1 450 300 450

100

33.3

D2 450 320 450 31.3

D3 450 340 450 29.4

E1 400 340 450 26.1

E2 420 340 450 27.5

F1 450 340 400 33.1

F2 450 340 350 37.8
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To study the effect of heat treatment temperature and holding time on the microstruc-
ture and properties of the samples, annealing was carried out under the following condi-
tions:

- heating to 500 ◦C and holding at 500 ◦C for 2 h;
- heating to 900 ◦C and holding at 900 ◦C for 30 min;
- heating to 900 ◦C and holding at 900 ◦C for 2 h.

The samples were heated at a rate of 10 ◦C/min and furnace cooled. The annealing
temperature of 900 ◦C is above the recrystallization temperature of NiTiNb alloys [30],
while 500 ◦C is below the recrystallization temperature and its main purpose is residual
stress relieving.

The microstructure was studied using a TESCAN Mira 3 LMU scanning electron
microscope (SEM) (TESCAN, Brno, Czech Republic) and a Leica DMI 5000 optical mi-
croscope (Leica, Wetzlar, Germany). To study the microstructure, polished microsections
of the samples were etched using the following etchant: 83% H2O, 14% HNO3, and 3%
HF. The samples were cut along the building direction. The chemical composition of the
material was investigated using energy-dispersive analysis (EDS) (TESCAN, Brno, Czech
Republic). The phase composition of the material was determined using a Bruker D8
Advance diffractometer on CuKα radiation (λ = 1.5418 Å). The density of the material was
measured by the Archimedes principle. Tensile mechanical properties were investigated
using cylindrical specimens using a Zwick/Roell Z050 testing machine (Ulm, Germany).
Temperatures of martensitic transformations of the fabricated alloy were determined by
differential scanning calorimetry (DSC). To compare phase transformation temperatures,
NiTi samples were fabricated without the addition of Nb particles using the E2 parameter
set.

3. Results and Discussion

Figure 2 shows the effect of VED on the density of NiTiNb samples produced using
the NiTi-Nb powder blend with 300 μm (Figure 2a) and 70 μm (Figure 2b) laser spot
size. The highest relative density values of around 99.2 ± 0.05% were obtained using
E1 and E2 parameter sets, which correspond to 300 μm laser spot size and 26–27 J/mm3

VED. Increasing VED led to lower density values, which might be attributed to melt pool
overheating and instability and formation of gas and keyhole pores [31,32]. At the same
time, varying VED at 70 μm laser spot size and 50 μm layer thickness did not lead to a
significant change in density.

 

Figure 2. Effect of VED on the density of NiTiNb samples produced by SLM using (a) 300 μm and (b) 70 μm laser spot size.

As can be seen in Figure 3, there are several types of internal defects in samples
produced under different process parameters. In the case of the samples D3 and F1,
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coarse pores with the size of 300–400 μm and irregular shape can be found along with fine
spherical pores. These coarse pores elongated in the direction parallel to the laser path
might be the result of lack-of-fusion due to the interaction of various factors: capillary
forces, material evaporation, insufficient melting, etc. [33,34]. The smallest number of
defects can be seen in the case of the sample E2, which corresponds to 27.5 J/mm3 VED
and 300 μm laser spot and has the highest density value.

 

Figure 3. Optical images of the polished microsections for the samples produced using parameter
sets (a) D1, (b) D2, (c) D3, (d) F1, (e) F2, (f) E1, and (g) E2.

Figure 4 shows SEM-images of microstructures of the samples manufactured using E1
and A1 parameter sets. In the case of the E1 sample produced with an unfocused laser beam
and 100 μm layer thickness, there are coarse solidified melt pools with a width comparable
to the diameter of the laser spot as can be seen in Figure 4a. Melt pool boundaries can be
clearly distinguished due to the presence of eutectic bands.
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Figure 4. SEM-images showing the microstructure of the NiTiNb samples produced using parameter sets (a,b) E1 and (c,d)
A1.

TiNi-Nb alloy system is a eutectic alloy and according to the phase diagram, the
eutectic point corresponds to 26 at. % Ni content [35]. The eutectic temperature is 1150.7 ◦C.
Hence, NiTi+β-Nb eutectic should be present in the microstructure after solidification and
cooling of the Ti-Ni-Nb alloy [36]. The presence of NiTi and β-Nb phase was confirmed by
the XRD results (Figure 5). The eutectic is mainly located at the melt pool boundaries as
can be seen in Figure 4. Nb has a significantly higher density and melting point compared
to NiTi. As a consequence, during the SLM of the powder blend, melting of NiTi will occur
first, while the Nb may remain unmelted. Mixing of the alloy components in the melt can
be carried out by Marangoni convection [37], which would result in a distribution of Nb in
the volume of a melt pool. During the laser melting of the powder layer, the underlying
solidified material is partially remelted. This can promote the diffusion at the melt pool
boundaries and the dissolution of the elements in these micro volumes. Thus, the eutectic
NiTI+β-Nb microstructure can be mainly found at the melt pool boundaries. As can be
seen in Figure 4b,d, NiTi+β-eutectic areas are visible near partially melted on unmelted Nb
particles where diffusion takes place during the SLM process and promotes the formation
of fine eutectic microstructure.

When 50 μm layer thickness and a standard laser spot size were applied during the
SLM process (sample A1), the microstructure of the obtained alloy also features melt pool
boundaries as can be seen in Figure 4c, but their size is much smaller compared to E1
sample. The eutectic bands width is also smaller in this case, which indicates less degree of
Nb diffusion into the NiTi matrix in case of smaller laser spot size. When an unfocused laser
beam along with increased laser power and layer thickness is used, the melt pool volume
is bigger and a higher volume of powder blend is melted with the laser. At the same time,
a bigger melt pool volume leads to a lower cooling rate during the SLM process [38], which
promotes the diffusion of elements and formation of the eutectic phase. Thus, a higher
volume of eutectic phase is obtained when an increased laser spot size is used.
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Figure 5. The XRD pattern of the NiTiNb sample produced using the E1 parameter set.

Figure 6 shows the chemical distribution of the elements in the NiTiNb sample pro-
duced using the E1 parameter set. It can be seen that there are areas of pure Nb correspond-
ing to unmelted Nb particles. In general, Ti, Ni, and Nb are homogeneously distributed in
the volume, and the eutectic regions do not feature a significant change in concentration of
the elements compared to the rest of the sample. According to the EDS results, the obtain
alloy has the following composition (in at. %): 45.5 ± 0.2 Ti, 44.9 ± 0.2 Ni, and 9.6 ± 0.4 Nb.
The obtained composition is characterized by a decreased Ni content due to its evaporation
during the SLM process, which is consistent with the results on the SLM of NiTi alloys
reported in the literature [16,39].

 
Figure 6. (a) SEM-image of the microstructure of E1 sample and EDS-maps showing the distribution
of (b) Ti, (c) Ni, and (d) Nb.

117



Materials 2021, 14, 2696

To obtain a more homogeneous structure, the samples manufactured using the E1
parameter set were heat-treated under different conditions. SEM-images of the microstruc-
tures after heat treatment are shown in Figure 7. As a result of heat treatment, Nb diffusion
into the material matrix occurs, which is observed in the form of partial dissolution of Nb
particles and an increase in the eutectic volume fraction, but the annealing temperature
and time are not sufficient for a complete dissolution of Nb, because it has a low diffusion
coefficient. Thus, after annealing at 900 ◦C for 30 min, the alloy structure has not under-
gone significant changes. As the annealing time was increased to 2 h at 900 ◦C, the former
melt pool boundaries became less pronounced, and the fraction of regions with eutectic
microstructure increased due to an accelerated niobium diffusion in the alloy matrix.

 
Figure 7. SEM-images of the NiTiNb samples after different heat treatments: (a,d) 500 ◦C for 2 h, (b,e) 900 ◦C for 30 min,
and (c,f) 900 ◦C for 2 h.

For the tensile tests, the samples were heat-treated by annealing at 900 ◦C for 2 h since
it provides a more homogeneous microstructure of the alloy. The results of the tensile tests
are shown in Table 2. While the tensile strength of the in-situ alloyed samples is comparable
to the casted Ni47Ti44Nb9 alloy, the elongation is significantly lower. Heterogeneous
microstructure and impurities pick-up are believed to be the main factors affecting the
elongation of the SLM-ed alloy.

Table 2. The results of tensile tests at room temperature for NiTiNb samples in the as-fabricated and
heat-treated state.

Material Yield Strength (MPa) Tensile Strength (MPa) Elongation (%)

NiTi-+Nb, SLM,
as-fabricated 390 ± 10 590 ± 60 1.5 ± 0.1

NiTi-+Nb, SLM, after
H/T (900 ◦C for 2 h) 410 ± 20 680 ± 20 3.8 ± 0.3

Ni47Ti44Nb9, casted
[10] ~500 ~650 ~40

Figure 8 shows the DSC curves for the fabricated samples. In the as-fabricated condi-
tion, the reverse martensitic transformation effect is poorly visible. However, the presence
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of a reverse martensitic transformation peak allows for the conclusion that a forward
martensitic transformation also takes place during cooling. Annealing at 900 ◦C resulted in
Af temperature shift into higher temperature range and made both forward and reverse
transformation effects more pronounced. Table 3 summarizes the DSC results of the ob-
tained samples showing martensitic phase transformation temperatures in the as-fabricated
and heat-treated states. One of the main functional properties of shape memory alloys are
temperatures of direct and reverse martensitic phase transformations. It is reasonable to
consider that the solution of Nb in the NiTi matrix can change the kinetics of martensitic
transformations [10].

Figure 8. DSC-curves of the in-situ alloyed NiTiNb samples (a) in the as-fabricated state and (b) after annealing at 900 ◦C
for 2 h.

Table 3. Martensitic phase transformation temperatures of the fabricated alloys.

Sample Ms (◦C) Mf (◦C) As, (◦C) Af (◦C) Af-As (◦C)

NiTi+Nb, SLM as-fabricated −50 −78 −52 5 57

NiTi+Nb, SLM+H/T (900 ◦C for 2 h) −30 −76 −28 22 50

NiTi, SLM as-fabricated −34 −69 −27 −5 22

Ni47Ti44Nb9, casted [40] −73 −90 −25 −11 14

Annealing at 900 ◦C leads to increased and narrowed temperature intervals of the
reverse martensitic transformation compared to the as-fabricated state. The Af temperature
shifts to the region of positive temperatures. At the same time, “in-situ” alloying increased
the hysteresis of martensitic transformation from 22 to 50 ◦C as compared to NiTi alloy
without Nb addition with an increase in the Af temperature from −5 to 22 ◦C. The in-situ
alloyed NiTiNb samples showed higher direct martensitic transformation temperatures
compared to the casted Ni47Ti44Nb9 alloy, which might be attributed to the difference in Ni
content. Due to partial evaporation, the SLM-ed samples have a Ni content of around 45.4
at. % leading to the increase of transformation temperatures.

4. Conclusions

The SLM process of NiTi-based eutectic alloy with shape memory effect obtained by
in-situ alloying with Nb has been studied. Based on the results obtained, the following
main conclusions can be made:

- NiTiNb shape memory alloy can be produced by SLM in-situ alloying by Nb with a
relative density of 99%.

- The microstructure of the in-situ alloyed material consists of B2-NiTi matrix, fine NiTi
+ β-Nb eutectic phase, and residual unmelted Nb particles.
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- The use of increased laser spot size with simultaneous increase of layer thickness and
laser power allows to obtain more homogeneous element distribution and homoge-
neous microstructure of NiTiNb alloy.

- The SLM in-situ alloying of NiTi by Nb allowed increasing the martensitic transforma-
tion hysteresis as compared to the alloy without Nb addition from 22 to 50 ◦C while
the Af temperature increased from −5 to 22 ◦C.

- Annealing of the in-situ alloyed material at 900 ◦C resulted in improved microstruc-
tural homogeneity and higher tensile strength.
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Abstract: Multimaterial additive manufacturing is an attractive way of producing parts with im-
proved functional properties by combining materials with different properties within a single part.
Pure Ti provides a high ductility and an improved corrosion resistance, while the Ti64 alloy has a
higher strength. The combination of these alloys within a single part using additive manufacturing
can be used to produce advanced multimaterial components. This work explores the multimaterial
Laser Powder Bed Fusion (L-PBF) of Ti/Ti64 graded material. The microstructure and mechanical
properties of Ti/Ti64-graded samples fabricated by L-PBF with different geometries of the graded
zones, as well as different effects of heat treatment and hot isostatic pressing on the microstructure of
the bimetallic Ti/Ti64 samples, were investigated. The transition zone microstructure has a distinct
character and does not undergo significant changes during heat treatment and hot isostatic pressing.
The tensile tests of Ti/Ti64 samples showed that when the Ti64 zones were located along the sample,
the ratio of cross-sections has a greater influence on the mechanical properties than their shape and
location. The presented results of the investigation of the graded Ti/Ti64 samples allow tailoring
properties for the possible applications of multimaterial parts.

Keywords: additive manufacturing; selective laser melting; titanium alloys; multimaterial 3D printing;
graded materials

1. Introduction

With the advent of Additive Manufacturing (AM) technologies, it has become pos-
sible for designers to improve the technological and functional capabilities of parts by
evolutionary design optimization [1,2]. AM technologies have simplified the manufac-
turing of complex, single-piece products, while opening up the possibility of shaping a
specific, given structure [3–5]. One method of part optimization is the use of multiple
materials in the fabrication of a single part [6–8]. For example, in a part that is only partially
exposed to high temperatures, it is possible to use heat-resistant materials only in the
temperature-loaded part. In this case, for the formation of the remaining volume of the
part it is reasonable to use less heat-resistant and, at the same time, cheaper materials. In
addition, the combination of strong and ductile materials is widely used, for example,
in tools for machining and gears, etc. [9,10]. In implants, a very important parameter is
the mechanical strength and elasticity of the material. On the one hand, it is necessary to
ensure a sufficient strength to avoid fracture. On the other hand, too much elasticity of
the material can lead to bone damage due to permanent differences in the strain under
load [11].

Recently, an increasing number of studies have appeared in the field of forming parts
from several materials during the Laser Powder Bed Fusion (L-PBF) process. The main
difficulty of this process is related to the fact that the existing equipment is not designed
to use more than one powder material simultaneously. Therefore, much research on the
development and modification of the equipment is being carried out [12–16]. For the
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developers, the main difficulty to overcome is the necessity to apply a thin layer of powder
material of the heterogeneous chemical composition. At the same time, this heterogeneity
must correspond to the computer model of the part on each layer.

Another important direction of research is the study of microstructures and the proper-
ties of the multi-material products themselves, which are obtained using the L-PBF [17–20].
In these works, the microstructure and continuity of the transition zone, its phase composi-
tion, and mechanical characteristics were investigated.

Currently, there are several research papers devoted to the L-PBF of parts with a
graded composition by changing the feedstock powder to build separate parts of a speci-
men. For example, alternatively using powders of different compositions was applied to
fabricate CuSn/18Ni300 [18], NiTi/Ti6Al4V [19], AlSi10Mg/Cr18Ni10Ti stainless steel [21],
316L/CuSn10 [22], or 316L/Cu [23] graded specimens by L-PBF. The authors of [20] inves-
tigated the possibility of using the L-PBF process to fabricate graded samples using In718
and Ti6Al4V powders utilizing intermediate layers of mixed powders with a different
ratio. The first commercial multimaterial recoating system for the L-PBF machines was
recently introduced by Aerosint [24,25] suggesting the importance of multimaterial AM
development. It uses mechanical forces to hold the powder on the drum and can release
it at the desired location, generating a 2D single material image in a line-by-line manner.
Currently, its possibilities have been demonstrated by 3D printing a copper alloy/steel
bi-metallic parts [26].

For medical applications, Ti and Ti64 alloys have their advantages and disadvantages.
The Ti64 alloy has great strength, but pure Ti has a great resistance to corrosion [27] and
does not contain toxic impurities (Vanadium). Therefore, the formation of a graded part,
where the advantages of both alloys are used, is relevant.

This work aimed to investigate the microstructure and mechanical properties of
Ti/Ti64 graded samples fabricated by L-PBF with different geometries of the graded zones,
as well as effects of heat treatment and hot isostatic pressing on the microstructure of the
bimetallic Ti/Ti64 samples.

2. Materials and Methods

Commercially available CP-Ti (grade 2) and Ti-6Al-4V (Ti64, grade 5) alloy powders
(Normin LLC, Borovichi, Russia) obtained by plasma atomization process were used as the
feedstock material to fabricate the samples. The particles of both powders were spherical
shaped (Figure 1) and had a mean size of d50 = 34 μm and d50 = 47 μm for Ti and Ti64
alloys, respectively.

 

Figure 1. Scanning electron microscope (SEM)-images of (a) Ti and (b) Ti64 powders.

The samples were fabricated using the SLM Solutions 280HL machine (Lübeck, Ger-
many) in an argon atmosphere (99.99% purity) on a Ti64 built substrate. For microstruc-
tural characterization and microhardness evaluation, the samples of 20 mm height and
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15 × 15 mm2 section were built. Initially, one of the feedstock materials was used during
the L-PBF process to fabricate the first half of the sample (10 mm). After that, the powder
in the machine was changed to the second material and the second half of the sample was
manufactured. The samples for mechanical tests were fabricated using a similar technique
by changing the powder in the machine after building part of the sample. The same L-PBF
process parameters were used for Ti and Ti64 alloys that were chosen based on the previous
studies [28,29]. The following process parameters were used: scanning speed—805 mm/s,
laser power—275 W, hatch distance—120 μm, layer thickness—50 μm. The laser beam size
was approximately 80 μm.

Heat treatment of the samples was carried out using a vacuum furnace (Carbolite
Gero GmbH & Co. KG, Neuhausen, Germany) at 10-3–10-4 mbar at 950 ◦C for 2 h, followed
by furnace cooling. The regime was chosen based on AMS-H-81200A specification for the
Ti64 alloy. The same temperature was used for hot isostatic pressing (HIP) of the graded
samples, while the pressure was 100 MPa.

The microstructure was studied using a Leica DMI 5000 (Leica Microsystems, Wetzlar,
Germany) optical microscope. To study the chemical composition, a Mira 3 (TESCAN,
Brno, Czech Republic) scanning electron microscope with an energy dispersive X-ray (EDX)
spectroscopy module was used.

Ti/Ti64 samples were scanned on a v|tome|x m300 X-ray computer tomography (CT).
The system was equipped with an X-ray source with a maximum voltage of 300 kV. The
obtained data were processed and visualized using an extended software package AVIZO
for three-dimensional analysis and voxels visualization. Segmentation was performed
using global and local gray thresholds.

The hardness of the samples was measured using Zwick/Roell ZHU 250 tester (Zwick
GmbH, Ulm, Germany) with a Vickers intender along the material transition area.

Tensile tests were carried out at room temperature using Zwick/Roell Z050 (Zwick
GmbH, Ulm, Germany) testing machine. Figure 2 schematically shows the samples used
for tensile tests of the graded materials. The gauge length was 45 mm and the width was
20 mm, while the thickness of the specimens was 3 mm. Three samples per point were
used for the tensile tests.

 

Figure 2. Schematic representation of tensile specimens’ configuration.

Specimens consisting entirely of Ti of Ti64 materials were labeled as I (Ti) and I (Ti64),
respectively. The remaining specimens consisting of two materials are shown in Figure 2.
Type II specimens were split in half and consisted of 50% Ti and 50% Ti64 materials. Type
III and IV had an insert from Ti64 alloy located at the center of the specimen with different
orientations of the insert with 50%/50% volume fraction of the alloys. The IV type specimen
had two inserts from Ti64 alloy as shown in Figure 2.
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3. Results and Discussion

A sample consisting of Ti and Ti64 materials fabricated by L-PBF is shown in Figure 3a.
There are no visible differences between the zones of the sample externally. They have the
same color and surface roughness. A small line along the alloy interface, caused by the
thermal expansion of the lower zone during fabrication, is noticeable. An image of the
transition zone section of the sample in the initial state obtained by computed tomography
(Figure 3c) shows internal defects in the form of pores, the average size of which is about
50 μm. It is also possible to see the transition from one material to another using the
computed tomography, as the Ti64 material has a lighter shade compared to pure Ti due to
the difference in density. The residual pores in the material after the HIP were not detected
by CT, but the transition zone from one material to the other can also be seen (Figure 3d).

Figure 3. (a) A photograph of the Ti/Ti64 sample, (b) microstructure of the transition zone, (c) as-built,
and (d) HIPed specimens’ volume obtained by CT-reconstruction.

The microstructure of the transition zone between the two materials is shown in
Figure 3b. No visible defects in the form of a lack of fusion or cracks were found. After
etching, a distinct transition zone can be seen between Ti and Ti64 zones. It can be seen
that the transition zone has a thickness of about 50–100 μm, which corresponds to the 1–2
layer thickness used during the L-PBF process.

The microstructure of the Ti zone consists of fine martensitic α’ needles, while the Ti64
zone exhibits a needle-like martensitic α’ phase within the columnar primary β grains. The
high solidification rates typical for the L-PBF process resulted in a metastable microstructure
in the case of both alloys. Titanium undergoes an α → β phase transformation above
890 ◦C, and this allotropic phase transformation affects the microstructure and texture
of the material. The Ti64 alloy undergoes an β ↔ α + β phase transformation at about
1000 ◦C [30]. However, the L-PBF process leads to metastable martensitic microstructure
due to the high cooling rates up to 105 K/s [31]. The L-PBF process, accompanied by
rapid solidification, leads to the formation of a martensitic microstructure with elongated
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grains of the primary β-phase filled with the finely dispersed lamellar α-phase. The partial
remelting of the previous layers provides the epitaxial growth of such grains.

The results of a study of the chemical composition of the transition zone (Figure 4)
showed that the Al and V content increases smoothly from the zone of Ti to the zone of Ti64.
According to the measurement results, the width of the transition zone can be estimated at
approximately 200 μm.

 

Figure 4. EDX results showing the change of V and Al composition distribution along the transition
zone from Ti (left) to Ti64 (right) on the sample.

Depending on the heat treatment temperature and cooling rate, the titanium mi-
crostructure may have different morphology: equiaxed α-Ti grains inside the primary
β-grains, a Widmanstett structure, and a lamellar or needle morphology of the α-phase [32].

The heat treatment of the Ti/Ti64 sample at 950 ◦C resulted in the transition of the
martensitic α’-phase to α + β phase in the case of Ti64 zone and α-Ti phase grains in the
case of Ti zone (Figure 5).

 

Figure 5. Microstructures of Ti/Ti64 sample after heat treatment: (a) Ti64 zone, (b) Ti zone, (c) the
transition zone.
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After heat treatment, the Ti zone consists of equiaxed α-Ti grains, which indicate the
recrystallization processes [33]. The recrystallization process led to the disappearance of
the preferential orientation of the grains. They had an equiaxial shape and size from 80 to
150 μm.

After HIP, the microstructure of the samples underwent changes similar to those after
the heat treatment, but there were differences in the morphology. The microstructure of
the Ti64 alloy zone (Figure 6a) also consists of α + β phases with lamellar morphology,
formed as a result of martensitic α’-phase decomposition to α + β. The formation of the
lamellar α-phase with a larger lamellar size and β-phase grains occurs in the Ti64 alloy, in
comparison to heat-treated conditions. The increase in the α-phase lamellar size occurs
both within and along the grain boundaries, which may lead to an increase in ductility as
deformation is mainly found along the grain boundaries.

 

Figure 6. Microstructures of Ti/Ti64 sample after HIP: (a) Ti64 zone, (b) Ti zone, and (c) the transition
zone.

The Ti zone (Figure 6b) after HIP has a microstructure of equiaxed α-Ti grains with
larger sizes compared to heat-treated ones, which may be caused by the differences in the
cooling rate at a different post-processing [29].

Figure 7 shows hardness distribution for the Ti/Ti64 samples along the material
transition area of as-built, heat-treated, and HIPed samples.

The hardness of the Ti64 zone is higher compared to the Ti zone for all tested conditions.
The as-built condition exhibited the highest hardness values for both the Ti and Ti64 zone
due to metastable microstructures formed during the L-PBF process. After heat treatment
and hot isostatic pressing, the hardness values decreased for both the Ti and Ti64 zones
due to the stress relieving and martensite phase decomposition. Due to different cooling
conditions in the vacuum furnace and with HIP, there were differences between the values
of hardness. After HIP, the microstructure was slightly coarser in terms of grain and
lamellar size compared to the heat-treated samples, which resulted in lower hardness
values along all the zones for the HIPed sample.
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Figure 7. Hardness distribution for Ti/Ti64 samples along the material change area for as-built, heat
treated, and HIPed conditions.

Tensile tests of pure Ti, Ti64, and graded Ti/Ti64 material have been made for samples
fabricated by L-PBF and subsequent hot isostatic pressing. The results are summarized in
Table 1.

Table 1. The results of tensile tests of Ti, Ti64, and graded Ti/Ti64 samples produced by L-PBF with
the subsequent HIP.

Specimen Type Tensile Strength, MPa Yield Strength, MPa Elongation at Break, %

I (Ti) 700 ± 12 596 ± 8 16 ± 4
I (Ti64) 998 ± 21 821 ± 11 10 ± 3

II 728 ± 29 693 ± 25 3 ± 1
III 760 ± 14 726 ± 11 5 ± 2
IV 839 ± 10 754 ± 8 7 ± 3
V 703 ± 36 667 ± 32 2 ± 1

The values of yield and tensile strengths of all the graded samples were between the
values for pure Ti and Ti64. The samples of the V type had the lowest strength values;
this type had 4 Ti/Ti64 material change interfaces which transversely directed the forces
applied during the tensile test. The type II samples turned out to be more strengthened;
this type had one interface of Ti/Ti64 material changing, directed along the axis of the
tensile during the test. Even the higher strength values were demonstrated by type III
samples. This type was characterized by the 2 Ti/Ti64 material change interfaces along the
axis of the tensile and the total area of the interfaces were twice as large as those of type II.
The highest strength characteristics between the investigated graded materials were found
in the type IV samples. The geometry of this sample type had 2 Ti/Ti64 material change
interfaces along the axis of the tensile with the largest contact area between the different
materials.

The graded samples did not exhibit high elongation values. The changes in the
elongation values for different types of samples have a similar tendency to the strength
values. The fracture of the type V samples occurred at the material interface. This was
potentially due to a partial oxidation of the metal surface, or the cooling of the specimens
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during a material change. Other sample types had interfaces along the axis of the tensile,
as well as a low elongation. Therefore, another possible reason for the low elongation may
be the Ti64 zones having a higher yield strength which could limit the elongation of the
Ti zones and lead to the formation and failure of stress concentrators with relatively low
values of elongation.

It should be noted that the homogeneous specimens, as well as the type V specimens,
were fabricated with a build direction along the tensile load, and the other specimen types
were fabricated with a build direction perpendicular to the tensile load. As shown in
the previous research [34], the strength of the horizontally fabricated samples was higher
compared to the vertically built samples, which could contribute to the lower properties of
the type V specimens.

The presented results of the investigation of the graded Ti/Ti64 samples allowed
tailoring properties for possible applications of multimaterial parts.

4. Conclusions

The investigation of samples with the graded chemical composition, Ti/Ti64, was
presented in this work. The study of the transition zone structure showed that these
samples had a distinct character and did not undergo significant changes during heat
treatment and hot isostatic pressing.

The study of tensile mechanical properties showed that, when the zones are located
along the sample, the ratio of cross-sections has a greater influence on the mechanical
properties than their shape and location. When the zones are arranged transversely to
the specimen, a failure occurs at the interface and the relative elongation is extremely low.
Future investigations in multimaterial 3D printing must pay attention to the possibility
of creating change interfaces with the smooth changing of chemical compositions and an
increasing transient zone.
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Abstract: This article presents the results of manufacturing samples from barium titanate (BaTiO3)
lead-free piezoceramics by using the binder jetting additive manufacturing process. An investigation
of the manufacturing process steps for two initial powders with different particle size distributions
was carried. The influence of the sintering and the particle size distribution of the starting materials on
grain size and functional properties was evaluated. Samples from fine unimodal powder compared to
coarse multimodal one have 3–4% higher relative density values, as well as a piezoelectric coefficient
of 1.55 times higher values (d33 = 183 pC/N and 118 pC/N correspondingly). The influence of
binder saturation on sintering modes was demonstrated. Binder jetting with 100% saturation for
both powders enables printing samples without delamination and cracking. Sintering at 1400 ◦C
with a dwell time of 6 h forms the highest density samples. The microstructure of sintered samples
was characterized with scanning electron microscopy. The possibility of manufacturing parts from
functional ceramics using additive manufacturing was demonstrated.

Keywords: additive manufacturing; binder jetting; lead-free piezoceramic; barium titanate; sintering;
piezoelectric properties

1. Introduction

Functional ceramics are a class of materials that exhibit special properties in addition
to those already inherent in ceramics, such as chemical and thermal stability. Functional
ceramics typically exhibit one or more unique properties: biological, electrical, magnetic,
or chemical. [1]. Due to this, they are used in engine production, aviation, and space
industries [2]. The most promising types of functional ceramics include piezoceramics [3].
Piezoelectric ceramics are used to make sensor devices, energy harvesters, and actua-
tors [4–6]. Piezoelectric materials are of particular interest as pressure and temperature
sensors in high-frequency environments [7,8]. Piezoelectric ceramics have generated par-
ticular interest in the power industry because they can withstand the harsh environmental
conditions present in energy conversion systems [9]. However, despite their advantages
as sensitive devices, piezoceramics also have the same internal disadvantages that are
observed in most ceramic materials: they are difficult to process [10], and their fragility
causes low fracture resistance [11]. Therefore, the manufacture of non-standard com-
plex geometries from ceramic materials can be practically impossible using conventional
manufacturing methods. The proposed method for circumventing this problem is the
manufacture of complex ceramic parts using additive manufacturing (AM) [12]. AM has
such advantages as the absence of expensive tools, easy scalability of the process, the ability
to implement parts of complex shapes, a high degree of material utilization and minimum
production time [13]. One of the most relevant materials for ceramic additive manufac-
turing is a piezoelectric material since it generates an electric charge when deformed or,
conversely, deforms when an electric potential is applied. The use of AM for the manufac-
ture of piezoelectric materials will expand the scope of their application, expanding the
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possibilities of forming multilayer, as well as complex geometries of structures. Therefore,
the possibility of integrating piezoelectric materials during the manufacturing process
itself would lead to the creation of multifunctional structures within a single processing
process. With great freedom in the achievable geometries of piezoelectric elements, the
prospect opens for a significant improvement in the performance of many devices based
on piezoelectric and ferroelectric properties [14,15].

Some previous investigations of additive manufacturing lead-based piezoceramics
have been made using direct writing/FDM [16,17], stereolithography-based processes [18,19],
and ink-jetting [20]. Due to the toxicity of lead compounds, the development of new piezo-
materials and technologies is moving towards lead-free piezomaterials. Barium titanate
(BaTiO3) is one of the most widely used lead-free piezoceramic materials, which became
widespread due to its high dielectric and piezoelectric properties [21]. The most promising
methods of 3D printing BaTiO3 are direct writing (DW) [22–25], vat photopolymerization
(VP) [26–30], and binder jetting (BJ) [31–34]. Samples printed using DW have the best
piezoelectric coefficient values (d33 = 200 pC/N [22]) and a density (6.01 g/cm3 [23]) close
to the theoretical density limit of BaTiO3 (6.02 g/cm3). However, the quality of the surface
printed layer is rather rough, which may be a limitation for using this technology. It is
also worth noting that difficulties arise when using printing nozzles with a diameter less
than 500 microns—the nozzle can clog with ceramic powder particles, and this reduces the
accuracy of printing parts [23]. Samples printed using VP also have high piezoelectric coef-
ficient values (d33 = 165 pC/N [27] and high material density (5.64 g/cm3 [26]). However,
there are next limitations when using this 3D printing technology [29]: (i) using 3D printer
with a layer spreading system for viscous slurry with a high solid loading of ceramics in
the photopolymer resin; (ii) the high refractive index of UV light for BaTiO3 that limits
the curing depth; (iii) a long time of debinding process that directly affects the final result
of the subsequent sintering. Samples printed using BJ have low piezoelectric coefficient
values (d33 = 74.1 pC/N [31], d33 = 112 pC/N [32] and have a low density (3.93 g/cm3 [31],
2.21 g/cm3 [32]). However, this technology ensures the high quality of printed parts and
excludes difficulties of the debinding process.

The BJ additive process is a method where a nozzle print-head jets a liquid binder
on a powder layer in places that correspond to the cross-section of the computer model
of a part. The result of BJ printing is a green model with low mechanical properties and
high porosity. The green model needs further curing, debinding, and sintering. As a
result, the characteristics of parts made of the polymer [35], metal [36–38] and ceramics [39]
printed on a 3D printer largely depend on manufacturing and postprocessing parameters.
Consequently, the behavior of functional ceramics made with additive technologies must
be further studied to expand the capabilities of this new technique.

In this paper, BaTiO3 lead-free piezoceramic was used to study the additive manu-
facturing of piezoelements by using the BJ process. The influence of the manufacturing
process on the properties of the material was characterized and discussed, and the dielectric
and piezoelectric properties of the manufactured samples were measured.

2. Materials and Methods

2.1. Materials

Two types of BaTiO3 powder were used for printing by BJ: (i) micron powder with mul-
timodal particle size distribution (PSD) (C-BaTiO3, ZAO NPF Luminofor, Stavropol, Rus-
sia) D10—0.1 μm, D50—3.4 μm, D90—25.4 μm, and (ii) submicron powder with unimodal
PSD (F-BaTiO3, Acros Organics, Geel, Belgium) D10—0.6 μm, D50—1.1 μm, D90—2.1 μm.
Figures 1 and 2 shows images of as-received powders. The C-BaTiO3 powder has particle
sizes of about 1 μm, forms agglomerates up to 25 μm (Figure 1). The F-BaTiO3, powder has
particle sizes about 1 μm (Figure 2). Figure 3 shows the particle size distributions which
demonstrates that the C-BaTiO3 powder consists of agglomerates and reveals three peaks
and contains small particles. The unimodal powder is much more homogeneous, while in
the case of the multimodal powder one can observe the agglomeration of small particles
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into larger clusters, which correspond to the third peak in the PSD with a medium size at
about 20 microns.

 

Figure 1. SEM images of C-BaTiO3 powder at different magnifications: general view (a), agglomerate (b), powder
particles (c).

 

Figure 2. SEM images of F-BaTiO3 powder at different magnifications: general view (a), powder
particles (b).

 

Figure 3. Particle size distribution of F-BaTiO3 (a) and C-BaTiO3 (b).
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2.2. Fabrication

For the experiment green models of cubic shape with dimensions of 10 × 10 × 10 mm3

were printed to study subsequent debinding and sintering processes. Also, the two types
of cylindrical green models (diameter 15 mm and 10 mm, height 10 mm and 1 mm respec-
tively) were printed to investigate the electromechanical properties.

The piezoceramic samples were manufactured on the ExOne Innovent system (The
ExOne Company, North Huntingdon, PA, USA). This system relates to the BJ additive
manufacturing process. The original ExOne BS004 solvent binder and CL001 cleaner were
used for the printing of the functional ceramic components.

The BJ process can be divided into several stages, a schematic image of which is shown
in Figure 4:

1. A thin layer of powder material is formed on the platform using a roller;
2. A liquid binder is selectively sprayed to the powder layer using a print head, in

accordance with the cross-section of the computer model;
3. Then the platform is lowered to a given thickness of one layer;
4. The powder layer is dried and heated using an infrared heater;
5. From the hopper, using an oscillator, the powder is fed to the surface of the platform

and a new layer of powder is applied;
6. Then the layer is leveled using a rotating roller;
7. Processes 1–6 are repeated until a full-size green model is made.

Figure 4. Process flow for BJ additive manufacturing.

Printed parts are considered “green” and are not suitable for end-use. Thus, these
green models require further post-processing, such as sintering or infiltration, to achieve
the desired mechanical and functional properties.

After the 3D printing, the platform (together with the green models in the powder
surround) is placed in the thermal furnace (Yamato DX412C, Yamato Scientific, Santa Clara,
CA, USA) at 180 ◦C for 3 h for curing.
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After curing, the green models have sufficient strength to remove excess and loose
powder. For green models of a simple shape, removal was done with a brush; for complex
shapes removal was done using compressed air.

2.3. Thermal Post-Treatment

Before thermal post-treatment, the green models were placed in alumina crucibles
with lids. The debinding process was performed in a muffle furnace (KJ-1700X, Zhengzhou
Kejia Furnace Co., Ltd., Zhengzhou, China) at a temperature of 650 ◦C with a dwell time
of 60 min. After debinding, the samples were sintered in a muffle furnace at 1300, 1350,
and 1400 ◦C with a dwell times of 2, 4, and 6 h under an air atmosphere. The thermal
post-treatment profiles are illustrated in Figure 5.

 

Figure 5. The thermal post-treatment profile.

2.4. Characterization

The particle size distribution of the powders was determined by laser diffraction
Analysette 22 NanoTec plus (Fritsch, Idar-Oberstein, Germany) with a total measurement
range of 0.01–2000 μm.

TGA analysis of BS004 solvent binder was performed using a thermogravimetric
analyzer (Q5000, TA Instruments, New Castle, DE, USA). The heating was carried out in
an airflow of 30 mL/min in the temperature range 30–700 ◦C at a rate of 10 ◦C/min. The
binder was placed in a platinum crucible, after which it was heated from room temperature
up to 700 ◦C in air.

The structure of the samples after sintering was studied using a Leica DMI5000
optical microscope (Leica, Wetzlar, Germany) and a Tescan Mira3 LMU scanning electron
microscope (SEM) operating at magnifications from 4× to 106× with an accelerating voltage
from 200 V to 30 kV. The chemical composition was measured using an energy-dispersion
accessory into the SEM.

Optical and SEM-images of sintered samples from C-BaTiO3 and F-BaTiO3 were
examined using the ImageJ Software. v.1.52a (Bethesda, MD, USA) The grain sizes were
analyzed for various temperature and time sintering conditions.

The density of the sintered samples was measured by the Archimedes method; the
calculation of relative density was made in accordance with the theoretical density of
BaTiO3 (6.02 g/cm3).
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The phase composition was analyzed using a Bruker D8 Advance X-ray (Bruker corp.,
Billerica, MA, USA) diffractometer (XRD) using CuKa radiation (l = 1.5418 Å) without
monochromator.

All samples for the electrical performance test were coated with silver electrodes
(paste PP-17, Delta, Zelenograd, Russia) at 700 ◦C for 30 min. The samples were poled in
air, at Tc + 20 ◦C (Tc-Curie temperature 120–130 ◦C for BaTiO3). Then, an electric field of
0.6 kV/mm for 30 min was applied to samples, followed by cooling to room temperature.
Dielectric constant έ, the loss tangent tgδ, electromechanical coupling coefficient kp, and
piezoelectric coefficient d33 were measured and calculated. Dielectric properties were
measured on cylindrical samples with a diameter of 10 mm and a height of 1 mm. The
capacity of the sample and the loss tangent were measured with an E7-28 immittance
analyzer at 1 kHz frequency at 0.5 V effective voltage. The piezoelectric coefficient d33 was
determined on polarized cylindrical samples using the APC YE2730A setup by a quasi-
static method. The values of the electromechanical coupling coefficient were calculated by
the following equation:

kp =

√
δp

ap + bp · δp
, (1)

where, ap, bp are the coefficients determined of Planar Poisson’s Ratio, δp is the relative
resonance gap. The Planar Poisson’s ratio value was determined by the frequencies ratio of
the third and first (main) overtones of the planar vibration mode on piezoelectric elements
in the form of a disk.

3. Results and Discussion

3.1. Investigation of Debinding Process

The TGA curve showed that when heated to 180.5 ◦C a sharp mass decrease by 86.82%
was observed (Figure 6). This is due to the evaporation of two components: ethylene glycol
monobutyl ether (EGBE), isopropanol (IPA), and the polymerization of ethylene glycol to
polyethylene glycol. The boiling temperatures of evaporating components are much lower
at 171 ◦C and 80.4 ◦C, respectively.

 
Figure 6. TGA analysis of the binder.

A further mass decrease occurred at a temperature range of 380–450 ◦C. As a result, the
remaining mass of the binder was 0.82% of the initial one. Increasing the temperature leads
to a linear decreasing of mass; the binder was almost completely thermally decomposed
at 664 ◦C and the residue was 0.21% of the initial mass. Thus, mass loss of the binder is
observed in two stages: the first stage—mass decreases on 86.85%, this stage ends at a
temperature of 180.5 ◦C. The second stage is the temperature range from 180 to 664 ◦C.
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Here, from 180 to 447 ◦C, no significant mass loss occurs. From 447 to 664 ◦C, the mass loss
is up to 0.21% of the original mass.

The first stage is associated with the transition of ethylene glycol to polyethylene glycol
during curing, the second stage is debinding by the burn out of the residue components of
the binder [40].

3.2. Binder Jetting Process

For the BJ process, the recoating speed (28 mm/s and 65 mm/s for C-BaTiO3 and
F-BaTiO3 respectively) and the frequency of the oscillator (5000 rpm and 4400 rpm for C-
BaTiO3 and F-BaTiO3 respectively) were previously optimized to apply a sufficient amount
of material to form a smooth thin powder layer. Considering this, the layer thickness for
C-BaTiO3 and F-BaTiO3 powder was 100 μm and 35 μm, respectively. The drying time and
temperature were also optimized to achieve a uniform layer without cracking and without
smearing. The main BJ parameters are shown in Table 1.

Table 1. The main BJ parameters for BaTiO3 lead-free piezoceramic powder.

Process Parameter C-BaTiO3 Powder F-BaTiO3 Powder

Recoating speed 28 mm/s 65 mm/s
Frequency of the oscillator 5000 rpm 4400 rpm

Layer thickness 100 μm 35 μm
Drying time 25 s 20 s

Drying temperature 25 ◦C 33 ◦C
Roller movement speed 1 mm/s 1 mm/s

Further, the saturation parameter was investigated. Binder saturation is a computed
value used to quantify how much binder is dispensed into each unit volume of powder
material. Improper saturation of the binder can cause an inhomogeneous layer of powder
as well as inaccurate dimensions of printed parts. The theoretical binder saturation (%)
was estimated using the following equation:

S =
1000 × V

(1 − (
PR
100

))× X × Y × Z
, (2)

where V is the volume of binder per drop (pL), PR is the packing rate (%), X and Y are
the spacing between binder droplets (μm), and Z is the layer thickness (μm). To obtain
the green part with sufficient mechanical strength and surface quality, optimizing the
saturation level is critical.

The saturation for C-BaTiO3 powder varied from 40 to 140% with a step of 20%. For
F-BaTiO3 powder, the saturation varied from 50 to 200% with a step of 50%. When printing
the C-BaTiO3 and F-BaTiO3 samples, no defects were observed on the surface of the powder
layer. The powder layer was applied uniformly, the particles did not stick to the roller. After
curing of C-BaTiO3 samples printed at 40% saturation, the green model delaminated. At
60% and 80% saturation, the deviation from the computer model size amounted to 0.37 mm
along the X and Y-axes and more than 0.1 mm along the Z-axis. For 100% saturation, the
C-BaTiO3 samples had clear boundaries and the deviation from the computer model size
was about 0.2 mm along the X and Y-axes, and less than 0.05 mm along the Z-axis. At
120% and 140% saturation, the geometry of the green models changed significantly and
appeared to be barrel-shaped.

After curing of F-BaTiO3 samples printed at 50% saturation, the green model delami-
nated since there was not enough binder to bond the layers together. For 100% saturation,
the F-BaTiO3 samples had clear boundaries and the deviation from the computer model
size was about 0.2 mm along the X and Y-axes, and less than 0.02 mm along the Z-axis.
At 150% and 200% saturation, the deviation from the computer model size amounted to
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0.36 mm and 0.38 mm along the X and Y-axes and more than 0.21 mm and 0.25 along the
Z-axis, respectively.

3.3. Investigation of Sintering Process, Shrinkage, Microstructure, Porosity

For investigation of sintering process BaTiO3 samples, the following samples were
selected: C-BaTiO3 samples printed at 60, 80, and 100% saturation; F-BaTiO3 samples
printed at 100, 150, and 200% saturation.

To understand the influence of saturation level test-sintering was carried out at 1400 ◦C
with a dwell time of 4 h. Samples of C-BaTiO3 printed with 60 and 80% saturation after
test-sintering delaminated due to the weak contact between the layers. Also, F-BaTiO3
samples cracked at 150 and 200% saturation, which is due to the high content of the
binder. Seemingly, due to the high content of the binder in samples, during debinding
and subsequent sintering, the formation of a large amount of gas occurred, leading to
the appearance of cracks. However, the C-BaTiO3 and F-BaTiO3 samples printed at 100%
saturation after test-sintering were free from defects. Figure 7 shows an image of F-BaTiO3
samples obtained at different saturations after test-sintering. As a result, samples with
100% saturation for both types of powder were selected for further investigation of the
sintering process.

Figure 7. Images of F-BaTiO3 samples printed by BJ with different saturation after sintering. Scale:
each sample has a diameter of 15 mm and a height of 10 mm. Heating rate of 10 ◦C/min to 1400 ◦C
with a dwell time of 4 h.

Subsequently, these samples were subjected to sintering in the temperature range of
1300–1400 ◦C for 2–6 h. Sintering experiments at temperature 1500 ◦C led to the melting of
BaTiO3 and the destruction of the samples. Initially, the study of the sintering process was
carried out for C-BaTiO3 samples at various temperatures of 1300, 1350, and 1400 ◦C. The
best value for the density of the material was achieved at 1400 ◦C. Considering that the
particle size of the C-BaTiO3 powder is close to the particle size of the F-BaTiO3 powder
(but different agglomerates sizes), a further investigation of sintering for the F-BaTiO3
samples was carried out at a temperature of 1400 ◦C with dwell times of 2, 4, and 6 h.

Figure 8 shows graphs of the dependence of sintered samples density on dwell time.
The density of the samples increases with an increasing dwell time. The density of F-BaTiO3
samples is higher compared to C-BaTiO3 samples. The density of C-BaTiO3 samples is
lower, but the printing speed is higher due to layer thickness difference. During the
printing of cylindrical samples from F-BaTiO3 with 15 mm diameter and 10 mm height, the
printing time was 7 h, which is 4 h longer than the printing time for similar size samples
from C-BaTiO3 powder.
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Figure 8. Dependence of the density of samples on temperature and dwell time of sintering.

Increasing the temperature and dwell time of sintering leads to grain enlargement.
The graphs in Figure 9 show that the grain size of samples from the unimodal powder is
more sensitive to changes in temperature and dwell time compared to samples made from
multimodal powder. This feature allows adjusting the functional properties of the material
in a wider range.

 
Figure 9. Grain size of BaTiO3 samples dependence on temperature and dwell time of sintering.

As a result of the sintering of samples from C-BaTiO3, the shrinkage along the XY
direction was 20–25%. The Z-axis shrinkage varied from 24.1% to 24.4%. The measured
linear shrinkage of samples from F-BaTiO3 along the XY direction was 24–27%. The Z-axis
shrinkage was 25–26%.
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The microstructure of the sintered BaTiO3 samples is shown in Figure 10. The structure
is a rounded grain formed as a result of sintering the powder material. Some sintered
samples have round-shaped pores, these defects may be associated with binder removal
since at this stage there is active gas formation, and perhaps a consequence of the non-
optimal sintering mode as well.

 

Figure 10. SEM images of sintered samples microstructures at 1400 ◦C, a dwell time of 6 h from C-BaTiO3 (a) and F-BaTiO3

(b) powders.

According to EDS measurements, the chemical composition of samples was 59.2%
of Ba, 18.8% of Ti, and 22% of O (weight %) which corresponds with BaTiO3 formulation.
Figure 11 shows the diffraction patterns of the C-BaTiO3 samples. X-ray diffraction analysis
showed that all samples are composed of the tetragonal crystal lattice P4mm of BaTiO3, as
evidenced by bifurcated peaks (compare to cubic lattice Pm-3m).

Figure 11. XRD of a sample sintered at different temperatures.

To demonstrate the applicability of the developed modes of the BJ process and thermal
post-treatment for manufacturing parts with complex geometries, test samples with lattice
structures were made from F-BaTiO3 powder (Figure 12).
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Figure 12. Image of samples with lattice structures printing by BJ from F-BaTiO3 powder before (left)
and after sintering (right).

3.4. Investigation of Functional Properties

The investigation of the functional piezoelectric properties was carried out for C-
BaTiO3 samples (a temperature of 1400 ◦C and a dwell time of 6 h) and F-BaTiO3 (a tem-
perature of 1400 ◦C and a dwell time of 4 h). These samples were selected considering the
highest density and grain size up to 50 microns. This grain size is due to the fact that, for
BaTiO3-based piezoceramic, the high functional properties arise with a grain size of 10 to
50 μm [41]. Table 2 shows the test results of the functional properties of sintered samples
manufactured from multimodal and unimodal BaTiO3 powders. Samples printed from
C-BaTiO3 powder are inferior in dielectric constant, electromechanical coupling coefficient,
and piezoelectric coefficient to samples printed from F-BaTiO3. This can be explained by
the non-optimal mode of debinding and sintering, the presence of large pores, and as a
result, a decrease of the active phase volume of the sample.

Table 2. Piezoelectric properties at 1 kHz of BaTiO3 samples printed by BJ process.

Technology/Powder Type έ tgδ, % kp d33, pC/N

Binder Jetting/C-BaTiO3 750 5.53 0.15 118
Traditional technology/C-BaTiO3 1872 7.9 0.22 163

Binder Jetting/F-BaTiO3 811 11.59 0.19 183
Traditional technology/F-BaTiO3 2367 1.7 0.36 230

Appreciating the main parameter piezoelectric coefficient d33, it can be noted that
using the BJ process allows achieving 72.4% of the piezoelectric coefficient compared to the
value obtained by traditional manufacturing technology with multimodal PSD powder
and 79.6% of the d33 values obtained with unimodal PSD powder. Pressing and sintering
were used as the traditional technology, and a solution of polyvinyl alcohol was used as
a binder. Sintering was carried out at a temperature of 1350 ◦C, heating rate 100 ◦C/h, a
dwell time of 3 h.

According to the results of studies published in [32], the functional characteristics of
AM piezoceramics depend on the direction of measurement. The functional properties
along the Z-axis are about 20% smaller in comparison with the XY direction. In the current
study, the properties were measured only along the Z-axis, but the achieved values of
piezoelectric coefficient d33 = 183 pC/N and dielectric constant έ = 811 exceed the values
obtained by the authors [32] parallel (d33 = 113 pC/N, έ = 581.6) and perpendicular to the
printing orientation (d33 = 152.7 pC/N, έ = 698). These differences seem to be related to
the raw material and the corresponding difference in technological parameters of BJ and
subsequent thermal post-treatment.
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The presented results demonstrate that the use of a unimodal PSD powder of lead-free
piezoceramics barium titanate allows achieving higher piezoelectric properties, and the use
of binder jetting technology allows the creation of objects with complex geometry, which
has potential in the manufacture of ultrasonic products used in medicine, aviation, marine
industry, sensors for monitoring welded joints, pressure sensors in pipelines, etc.

Future research areas that allow for improving piezoelectric properties include the use
of new lead-free piezoelectric materials with increased characteristics (such as KNN, BZT-
BCT, etc.), as well as the creation of functional gradient systems and the use of multimaterial
3D printing.

4. Conclusions

The paper presents the results of the additive manufacturing of piezoelectric elements
using the binder jetting process. Two powders with different particle size distributions
were used as raw materials. Binder jetting with 100% saturation for C-BaTiO3 and for
F-BaTiO3 allows printing samples without delamination and cracking. Sintering at 1400 ◦C
with a dwell time of 6 h forms the highest density samples. It was determined that samples
from the unimodal powder are more sensitive to increasing grain size during sintering.
The measured dielectric and piezoelectric properties of the samples also demonstrated that
samples from unimodal powder F-BaTiO3 have higher values. The results of the functional
piezoelectric properties obtained by binder jetting with C-BaTiO3 are d33 = 118 pC/N,
έ = 750, and with F-BaTiO3: d33 = 183 pC/N, έ = 811.

The future possibilities of improving functional characteristics of samples manufac-
tured with BJ are increasing speed, optimizing sintering modes, and using new lead-free
piezoelectric materials with improved functional characteristics.
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Abstract: Original 1CP powder was studied and it was founded that powder material partially con-
sists of the amorphous phase, in which crystallization begins at 450 ◦C and ends at 575 ◦C. Selective
laser melting parameters were investigated through the track study, and more suitable ones were
found: laser power P = 90, 120 W; scanning speed V = 1200 mm/s. Crack-free columnar elements were
obtained. The sample obtained with P = 90 W, contains a small amount of amorphous phase. X-ray
diffraction of samples shows the presence of α-Fe(Si) and Fe2B. SEM-image analysis shows the pres-
ence of ordered Fe3Si in both samples. Annealed samples show 40% less microhardness; an annealed
sample containing amorphous phase shows higher soft-magnetic properties: 2.5% higher saturation
magnetization, 35% higher residual magnetization and 30% higher rectangularity coefficient.

Keywords: selective laser melting; soft-magnetic alloy; FeSiB; magnetic properties; additive
manufacturing

1. Introduction

Selective laser melting (SLM) technology is an additive manufacturing process by layer-
by-layer melting of a 20–60 μm thick powder layer of material using a laser [1,2]. One of the
most attractive applications of this technology is the production of bulk amorphous alloys.

Amorphous materials are a type of solid materials in which there is no long-range
order in the arrangement of atoms [3]. This state of the material is achieved at high cooling
rates from the liquid state due to the fixation of atoms in the positions in which they were
in the melt. An amorphous metallic material (metallic glass) does not have a crystalline
lattice; therefore, its atomic structure lacks the crystalline defects that cause anisotropy of
its properties. Metallic glasses based on ferromagnetic alloys exhibit better soft-magnetic
properties than crystalline ferromagnetics: lower coercive force values, higher values of
saturation magnetization, higher magnetic permeability and electrical resistivity. Due to
the higher level of soft magnetic properties of metallic ferromagnetic glasses, their use as
a magnetic core material of an electromagnetic device allows for increasing its efficiency
by significantly reducing the magnetic field energy losses for remagnetization and eddy
currents [4].

High magnetic properties are achieved with amorphous phases, and materials con-
sisting of nanocrystalline inclusions evenly distributed in the amorphous matrix are also
known. Currently, amorphous and nanocrystalline materials produced by additive manu-
facturing techniques are being investigated by many research groups worldwide [1,4–20].
The problem of obtaining samples with amorphous phase from iron-based soft-magnetic
alloys using SLM has been solved with varying degrees of success by selecting process
parameters [1,4,11,14,18,19] and by developing and applying specially designed materials
and laser beam scanning strategies [4,10,11,19]. Obtaining a material with a minimum
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degree of crystallinity involves the suppression of crystallization both when cooling the
molten metal and when absorbing the heat of the melt by the already solidified part of the
product. This task requires researchers to thoroughly understand the impact mechanisms
on the resulting material, which makes investigation of the influence of process parameters
on the characteristics of the resulting material a priority step towards its solution.

The aim of this work was to investigate the effect of the selective laser melting process
parameters (laser power P, hatch distance h, offset m) on macrostructure and microstructure,
phase composition, magnetic and mechanical properties of 1CP magnetic alloy samples
and to investigate the effect of thermal treatment of samples on their magnetic and mechan-
ical properties.

2. Materials and Methods

The flowability of the powder was determined using ISO 4490 “Determination of flow
rate by means of a calibrated funnel (Hall flowmeter)”. Apparent density measurements
were made by pouring the powder into a funnel from which it flowed into a 25 cm3 cup.
After filling the cup, the funnel was moved away and excess powder was smoothed out
with a trowel. Apparent density was determined by weighing the powder in the cup in
grams and dividing by 25 cm3. The skeletal density of the powder was determined in
accordance with GOST 22662-77.

The particle size distribution of the powder was determined by laser diffraction
on the Analysette 22 NanoTec plus (Fritsch, Germany) with a total measuring range of
0.01–2000 μm. The microstructure of the powder and the obtained samples were studied
using a Tescan Mira3 LMU scanning electron microscope (SEM). The etching of the samples
was carried out in a 10% nitric acid solution in isopropyl alcohol. The fine structure
of the powder was investigated using a Carl Zeiss Libra 200FE transmission electron
microscope (TEM) with an energy Ω filter and an operating accelerating voltage of 200 kV.
An HAADF detector (STEM mode) and a CCD camera (TEM mode) were used to obtain
images. Electron diffraction patterns were measured using an aperture diameter of 1000 nm
and a camera length of 450 mm. For the measurement of chemical composition, electron
energy loss spectroscopy (EELS) in TEM was used and theoxygen content was measured by
infrared absorption and thermal conductivity analysis on LECO TC-500 (LECO Corporation,
St. Joseph, MI, USA).

Temperatures of phase transitions were studied using differential scanning calorimeter
(DSC) Q2000 (TA Instruments, New Castle, DE, USA) equipped with an automatic sampler,
RCS90 cooling system and T-zero baseline alignment technology. Samples were heated
in an argon flow to a temperature of 1000 ◦C at a heating rate of 20 ◦C/min followed by
second heating of the cooled samples to the same temperature. The phase composition
was analyzed with a Bruker D8 Advance X-ray diffractometer (XRD) using Cu Kα (l 1/4
1.5418 Å) irradiation.

The magnetic hysteresis loops for the samples were measured by Lake Shore 7410 vi-
bration sample magnetometer (VSM) (Lake Shore Cryotronics, Westerville, OH, USA) at
room temperature (22 ◦C) and under applied different magnetic fields from −18,000 to
+18,000 Oe. Magnetic measurements were carried out on 2 sets for each type of sample.

The hardness of the samples was determined using a Buehler Micromet 5103 micro-
hardness tester using the Vickers method at 3 N. To determine the mean value, 5 tests
were performed.

Samples were manufactured using an SLM280HL (SLM Solutions GmbH, Lübeck,
Germany) selective laser melting system equipped with YLR-Laser (wavelength of 1070 nm
and focus size about 80 μm) under a nitrogen atmosphere.

3. Results and Discussion

3.1. Powder Material

The first stage of the research was to investigate the morphology, phase composition,
physical, technological and magnetic properties of the initial 1CP powder, consisting of
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iron and alloying elements: boron, carbon and silicon [21]. The chemical composition of the
initial powder is presented in Table 1. The technology of the 1CP powder manufacturing
was gas atomization [22].

Table 1. The chemical composition of 1CP powder.

Fe, % C, % Si, % B, % O, %

Bal. 0.05 2.38 6.42 0.03

The SEM image in Figure 1 shows that the powder material is spherical and
rounded particles.

  
Figure 1. SEM image of 1CP powder.

The results of the particle size distribution of the powder are shown in Table 2. The
initial powder particle size is Gaussian distributed with a mean value of 41.8 μm. This is a
typical range for use in selective laser melting [18,23].

Table 2. Particle size distribution of 1CP powder.

d10, μm d50, μm d90, μm

13.6 41.8 75.3

The results of the investigation of the physical and technological properties of the
powder are shown in Table 3. The ability to flow freely through the Hall funnel indicates
the possibility of good powder spreading during the formation of thin powder layers in the
selective laser melting process. The apparent density is 56.8% of the skeletal density, which
indicates an acceptable packing density formed by this powder during the formation of the
powder layer.

Table 3. Physical and technological properties of the 1CP powder.

Flow Rate, s/50 g Apparent Density, g/cm3 Skeletal Density, g/cm3

13 4.21 7.41

The X-ray diffraction pattern of the powder sample is shown in Figure 2. The following
phases are present in the sample: solid solution α-Fe(Si) and iron boride Fe2B.
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Figure 2. X-ray diffraction pattern of 1CP powder.

Figure 3 shows the DSC results of the powder material presented by two curves:
the red curve for the primary heating of the original material and the blue one for the
secondary heating of the material (cooled down after primary heating). The primary
heating curve shows peaks indicating a phase transformation during heating. This process
occurs for 1CP alloy powder in the temperature range from 450 to 575 ◦C. The absence
of the secondary heating peaks shows the accordance of the peaks to the crystallization
process. Based on the DSC data it could be concluded that heating above 450 ◦C would lead
to the beginning of crystallization processes of the amorphous phase in case of the presence
of the amorphous phase in the samples during heat treatment of samples obtained from this
powder. According to this data, it was decided to use annealing heat treatment of samples
at 440 ◦C. This annealing temperature corresponds to the recommended temperature for
amorphous ribbons from 1CP [21] and the heat treatment mode used in further study:
heating at a rate of 10 ◦C/min to 440 ◦C, holding for 30 min, cooling outside the furnace.
The halo, which is not clearly visible in the diffraction pattern (Figure 2), is partially visible
in the region of 2Θ = 42–47. The absence of an obvious halo can be explained by the small
volume content of the amorphous phase in the powder material.

Figure 3. DSC heating curves for the 1CP powder (“exo” means that presented peaks are corre-
sponded to exothermic process).
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Figure 4 shows the results of investigation microstructure of 1CP powder by transmis-
sion electron microscopy.

  
(a) (b) 

 
(c) (d) 

Figure 4. High-resolution TEM images of 1CP metal powder particles (a,b), electron diffraction
pattern of the amorphous phase referring to the light region (c), electron diffraction pattern of the
crystalline phase referring to the dark region (d).

Two phases are present in the studied powder, one of which has a crystalline structure
as evidenced by electron diffraction (Figure 4d) and the other has an amorphous structure
as evidenced by electron diffraction in Figure 4c. The amorphous phase is present both
as separate areas (upper part of Figure 4a) and as areas distributed around the crystalline
phase (Figure 4b and lower part of Figure 4a).

The results of the study on the magnetic properties of the powder are shown in Table 4.
The hysteresis loop of the powder is shown in Figure 5. 1CP can be considered as a soft
magnet with a relatively high coercive force and a low residual magnetization, but a huge
saturation magnetization.

Table 4. Magnetic properties of the 1CP powder.

Coercivity, Oe Saturation Magnetization emu/g Residual Magnetization emu/g Rectangularity Factor

33 ± 1 180 ± 3 1.55 ± 0.2 0.008
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(a) (b) 

Figure 5. Magnetic properties measurement results of the 1CP powder: (a)—general view of hystere-
sis loop; (b)—enlarged area for coercivity estimation.

3.2. Single Track Study

In order to determine the range of applicability parameters for the selective laser
melting process, a series of single tracks were melted on a 1CP substrate using different
values of laser power P and scanning speed V, which were selected after the preliminary
tests have been made with various values of laser power and scanning speed and provided
continuous tracks.

The modes used for single-track series are presented in Table 5. The linear energy
density is calculated as the ratio of a laser beam power to a scanning speed.

Table 5. Single track modes.

Sample Number P, W V, mm/s Linear Energy Density, J/m

1 60 800 75
2 60 1000 60
3 60 1200 50
4 90 1200 75
5 120 1200 100

The SEM images of the tracks presented in Figure 6 show that there are transverse
cracks repeated at distances greater than or close to 200–300 μm. A similar pattern is
observed for all the tracks. Therefore, it was decided not to use values of one pass laser
length exceeding 200 μm in the next experiments.

Figure 7 shows SEM images of the structure of the melted tracks in a cross-sectional
view. The geometric characteristics of the resulting tracks are shown in Table 6. Track 1 has
acceptable geometrical characteristics, but there is a pore in its cross-section and a crack at
the border with the substrate. The linear energy density of the mode of this track is 75 J/m,
as well as of track 4, which has good geometrical characteristics and has no visible defects,
but the scanning speed used in the growth of the first track was too low for the used power,
which led to the formation of defects. Tracks 2 and 3 were formed at lower linear energy
densities (60 J/m and 50 J/m), which were insufficient to make a track with acceptable
deposit height.
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Figure 6. SEM images of top-views single tracks (numbers 1–5 denotes the building mode of Table 5).

Figure 7. SEM images of cross-sectional views single tracks (numbers 1–5 denotes the building mode
of Table 5).

Table 6. Geometric characteristics of the tracks.

Sample Width, μm Fusion Depth, μm Deposit Height, μm

1 108.7 23.1 33.8
2 126.4 33.4 16.8
3 105.6 28.2 12.7
4 105.7 20.6 25.6
5 113.1 31.2 33.1

Tracks 4 and 5 have good geometrical characteristics (sufficient height of the deposited
metal and penetration depth) and no visible defects, so modes 4 and 5 are used in the
next experiments.

Thus, it was decided to use a melt track length not exceeding 200 μm, with values of
P = 90 W, P = 120 W and V = 1200 mm/s.
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3.3. Selective Laser Melting of Samples Investigation

As part of the study, eight rectangular samples were manufactured. Samples have
been successively made in a nitrogen atmosphere. The plane orthogonal to the height of
the cube was divided into cells, each containing two cross-sections of columnar elements,
the distance between the centers of which corresponds to the hatch distance parameter h,
with the distance between cells corresponding to the offset parameter m. The length of
one pass of the laser beam also corresponds to the parameter h. The building scheme is
presented in Figure 8.

Figure 8. Sample building scheme (arrows in the cells indicates the scanning direction).

The image of manufactured samples is shown in Figure 9. The build modes are
presented in Table 7, the scanning speed V and the thickness of the powder layer t were
fixed V = 1200 mm/s, t = 50 μm.

 
Figure 9. Image of samples manufactured by the SLM process from 1CP alloy powder (numbers
1–8 denotes the building mode of Table 7).
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Table 7. Modes of selecting laser melting used for manufacturing samples.

Sample P, W h, μm m, μm

1 90 100 50
2 90 100 0
3 90 100 100
4 90 200 200
5 120 100 50
6 120 100 0
7 120 100 100
8 120 200 200

The samples manufactured at P = 90 W (Figure 10, 1–4) are less dense than those
made at P = 120 W (Figure 10, 5–8). Increasing laser power allows the formation of larger
structural elements due to the melting of a larger volume of initial powder, which leads to
the formation of a denser structure. The increasing value of the offset (Figure 10, 1–4; 5–8) is
accompanied by a decrease in the density of samples due to a violation of its structural unity
caused by the separation of the columnar elements from each other. The hatch distance
parameter h determines the presence of a merger of a pair of columnar elements into a
single element: the samples obtained at h = 100 μm (Figure 10, 1–3; 5–7) are characterized
by united elements, in contrast to the samples obtained at h = 200 μm (Figure 10, 4; 8).

Figure 10. SEM images of samples (top view) produced by selective laser melting with parameters
according to Table 6 (numbers 1–8 denotes the building mode of Table 7).

Cross-sectional specimens were prepared for selected columnar elements of samples
4 and 8 (for these samples only the separation of single elements was possible) for exam-
ination with a scanning electron microscope. SEM images of the microstructure of the
elements are shown in Figures 11 and 12.

The structure of element 8 is characterized by the shape of the layer expressed by
the presence of an arc section on the boundary line of each layer. This phenomenon is
associated with increased laser power P, the value of which for sample 8 was 120 W. In
this case, the change in the shape of the layer is associated with deeper penetration of laser
irradiation for a separate section of the layer and uneven distribution of thermal energy
over the contact spot of the laser with the metal.

The phase composition was investigated by X-ray diffraction analysis. The X-ray
diffraction patterns of the samples are shown in Figure 13.
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Figure 11. Microstructure of columnar element of sample 4, studied in backscattered electrons mode
of SEM.

Figure 12. Microstructure of columnar element of sample 8, studied in backscattered electrons mode
of SEM.

 
(a) (b) 

Figure 13. X-ray diffraction patterns of samples 4 (a) and 8 (b).

Based on X-ray diffraction analysis it was found that the following phases are present
in the sample: α-Fe(Si) solid solution and Fe2B iron boride. The third phase present in the
microstructure images of the samples can be identified as an ordered Fe3Si solid solution.
The morphology of the etched cavities is similar to the crystal morphology of this phase [24].
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The α-Fe(Si) solid solution has a similar crystallographic structure to the ordered Fe3Si solid
solution, due to which the X-ray diffraction analysis may not allow the detection of the
reflexes of this phase if the α-Fe(Si) structure prevails [24]. Therefore, researchers [19,23]
during the X-ray diffraction analysis of samples of Fe-Si-B alloy obtained by selective
laser melting noted the Fe3Si phase together with α-Fe(Si) on the peaks corresponding
to α-Fe(Si).

The obtained DSC curves (Figure 14) indicate the almost complete absence of crys-
tallization processes during the heating of the samples. However, the curve of primary
heating of sample 4 is characterized by the presence of small peaks, and their absence
during secondary heating (which cannot be said for the curve of sample 8), indicating the
presence of a small amount of amorphous phase in sample 4.

  
(a) (b) 

Figure 14. DSC curves of samples 4 (a) and 8 (b) (“exo” means that presented peaks are corresponded
to exothermic process).

Onset crystallization temperatures and enthalpy of the process are presented in Table 8.
TEM electron diffraction data presented in Figure 15 proves the presence of the amorphous
phase of sample 4.

Table 8. Magnetic properties of the samples.

Sample Coercivity, Oe Saturation Magnetization, emu/g Residual Magnetization, emu/g Rectangularity Factor

4 49 ± 1 195 ± 3 9.7 ± 0.2 0.050
8 48 ± 1 195 ± 3 10.8 ± 0.2 0.055

4 annealed 48 ± 1 200 ± 3 13.1 ± 0.2 0.065
8 annealed 46 ± 1 195 ± 3 10.2 ± 0.2 0.052

   
(a) (b) (c) 

Figure 15. High resolution TEM images of sample 4 (a), electron diffraction pattern (c) of referring to
the region (b).
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Mechanical and magnetic properties were investigated for the initial and annealed
samples. The purpose of annealing was to decrease the level of internal stresses in samples
and investigate the effect of it for properties as defined above. The hardness data of the
samples (Table 9) indicate that the hardness of sample 4 is slightly higher than that of sample
8. The difference between the mean hardness values is within the standard deviation of
the samples (σ4 = 155, σ8 = 92). Hence, the laser power has no effect on the samples of this
material in the investigated power range. The authors [1] investigated samples of a similar
composition alloy and obtained hardness values close to those presented in this study. The
annealed samples show an approximately 40% reduction values of hardness.

Table 9. Hardness of the samples obtained (HV0.3).

Sample Point 1 Point 2 Point 3 Point 4 Point 5 Mean

4 2226 1998 1986 1841 1854 1981
8 1785 1895 1883 1932 1707 1840

4 annealed 1108 1063 1254 1315 1402 1228
8 annealed 1118 1112 1149 1175 1212 1153

The study of the magnetic properties was carried out for samples 4 and 8. The
magnetization curves of the samples are shown in Figure 16. The magnetization curves of
the samples after heat treatment are shown in Figure 17. The main parameters of magnetic
measurements are summarized in Table 8. The coercivity of the measured samples does
not differ significantly from each other. At the same time, there is a difference in the shape
of the hysteresis loop (sample 8 achieves a saturation at slightly lower values of field) and
the values of residual magnetization. A comparison of the obtained results with the data
for amorphous ribbons obtained by melt spinning technology for 1CP alloy [21] shows
that the coercivity is much higher and the coefficient of rectangularity is lower for samples
made by SLM.

 
(a) (b) 

Figure 16. Magnetic properties measurements results of samples 4 and 8: (a)—general view of
hysteresis loop; (b)—enlarged area for coercivity estimation.

The change of coercivity of annealed samples is within the margin of error. Sample 4
showed higher values of saturation magnetization (2.5% higher), residual magnetization
(35% higher) and rectangularity coefficient (30% higher) after annealing. At the same time,
sample 8 after heat treatment shows almost the same values of magnetic parameters as
before heat treatment. The changing of magnetic properties for sample 4 is possibly related
to a relaxation of internal stresses and the presence of a small amount of amorphous phase,
magnetic properties changing of which after annealing is stronger than the crystalline
phase. Sample 8 has a lower value of internal stresses due to the higher laser power used
for its manufacturing and demonstrates no changing magnetic properties after anneal-
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ing. Therefore, the heat treatment mode recommended for amorphous ribbons of this
material [21] should be reevaluated for selective laser melting samples.

 
(a) (b) 

Figure 17. Magnetic properties measurements results of samples 4 and 8 after annealing heat
treatment: (a)—general view of hysteresis loop; (b)—enlarged area for coercivity estimation.

Further research requires the use of scanning strategies with different patterns and
multiplicity, substrate heating and cooling experiments, and better optimization of physical
and geometric process parameters and reaching more amorphous phase content.

4. Conclusions

The effect of selective laser melting parameters on microstructure and magnetic prop-
erties of 1CP alloy was investigated in this work.

1. Increasing the laser power leads to the enlargement of the array elements by melting
larger amounts of powder. Increasing the offset parameter of the scanning strategy
elements leads to a reduction in the density of the array by moving them farther
apart. The hatch distance affected the structural unity of the elements in the pair and,
consequently, the density of the array: an increase in this parameter results in a lack
of fusion between the elements.

2. Investigation of separate elements of samples 4 and 8 showed no differences in
microstructure and phase composition characterized by the presence of solid solution
α-Fe(Si), iron boride Fe2B and, probably, ordered solid solution Fe3Si. However,
sample 8 obtained at P = 120 W is characterized by the layer shape expressed by
the presence of arc sections on the boundary line, in contrast to sample 4 whose
layer boundaries are expressed by smoother curves. Such influence of laser power
on interlayers geometry is caused by deeper penetration of laser irradiation and
non-uniform distribution of power across a spot of the laser beam.

3. The DSC investigation of samples showed a practically complete absence of crystal-
lization processes in sample 8 in the temperature interval of 400–600 ◦C in which
visible crystallization peaks of initial powder. However, the primary heating curve of
sample 4 is characterized by small peaks that indicate the presence of a small amount
of amorphous phase in sample 4.

4. The microhardness test results demonstrate no influence of laser beam power on
samples manufactured with different laser power. The heat treatment contributes to a
decreasing value of microhardness of the samples by about 40%.

5. The study of magnetic properties showed insignificant differences in coercivity and
close values of saturation magnetization for samples selective laser melted with dif-
ferent parameters. However, there are differences in hysteresis loop shape and values
of residual magnetization: sample 4 has residual magnetization of 9.7 ± 0.2 emu/g,
and sample 8 has residual magnetization of 10.8 ± 0.2 emu/g.
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10. Żrodowski, Ł.; Wysocki, B.; Wróblewski, R.; Kurzydłowski, K.J.; Święszkowski, W. The Novel Scanning Strategy for Fabrication

Metallic Glasses by Selective Laser Melting. In Proceedings of the Fraunhofer Direct Digital Manufacturing Conference 2016,
Berlin, Germany, 16–17 March 2016.

11. Zou, Y.; Wu, Y.; Li, K.; Tan, C.; Qiu, Z.; Zeng, D. Selective laser melting of crack-free Fe-based bulk metallic glass via chessboard
scanning strategy. Mater. Lett. 2020, 272, 127824. [CrossRef]

12. Ouyang, D.; Wei, X.; Li, N.; Li, Y.; Liu, L. Structural evolutions in 3D-printed Fe-based metallic glass fabricated by selective laser
melting. Addit. Manuf. 2018, 23, 246–252. [CrossRef]

13. Ozden, M.; Morley, N. Laser Additive Manufacturing of Fe-Based Magnetic Amorphous Alloys. Magnetochemistry 2021, 7, 20.
[CrossRef]

14. Jiang, Q.; Zhang, P.; Jie, T.; Zhishui, Y.; Tian, Y.; Ma, S.; Wu, D. Influence of the microstructure on mechanical properties of SLM
additive manufacturing Fe-based bulk metallic glasses. J. Alloys Compd. 2021, 894, 162525. [CrossRef]

15. Liang, S.; Wang, X.; Zhang, W.; Liu, Y.; Wang, W.; Zhang, L. Selective laser melting manufactured porous Fe-based metallic glass
matrix composite with remarkable catalytic activity and reusability. Appl. Mater. Today 2020, 19, 100543. [CrossRef]

16. Shen, Y.; Li, Y.; Chen, C.; Tsai, H.L. 3D printing of large, complex metallic glass structures. Mater. Des. 2017, 117, 213–222.
[CrossRef]

17. Bordeenithikasem, P.; Hofmann, D.; Firdosy, S.; Ury, N.; Vogli, E.; East, D. Controlling microstructure of FeCrMoBC amorphous
metal matrix composites via laser directed energy deposition. J. Alloys Compd. 2020, 857, 157537. [CrossRef]

18. Jung, H.Y.; Choi, S.J.; Konda, G.P.; Mihai, S.; Sergio, S.; Seonghoon, Y.; Uta, K.; Kim, D.H.; Kim, K.B.; Eckertaf, J. Fabrication of
Fe-based bulk metallic glass by selective laser melting: A parameter study. Mater. Des. 2015, 86, 703–708. [CrossRef]
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Leonowicz, M.; Święszkowski, W. New approach to amorphization of alloys with low glass forming ability via selective laser
melting. J. Alloys Compd. 2019, 771, 769–776. [CrossRef]

160



Materials 2022, 15, 4121

20. Li, Y.; Shen, Y.; Chen, C.; Leu, M.; Tsai, H.L. Building metallic glass structures on crystalline metal substrates by laser-foil-printing
additive manufacturing. J. Mater. Process. Technol. 2017, 248, 249–261. [CrossRef]

21. TS 14-123-149-2009; Rapidly Hardened Tape of Soft–Magnetic Amorphous Alloys and Soft–Magnetic Composite Material
(Nanocrystalline Alloy), Asha, Russia. 2011.

22. Golod, V.M.; Sufiiarov, V.S. The evolution of structural and chemical heterogeneity during rapid solidification at gas atomization.
IOP Conf. Ser. Mater. Sci. Eng. 2017, 192, 012009. [CrossRef]

23. Gao, S.; Yan, X.; Chang, C.; Aubry, E.; He, P.; Liu, M.; Liao, H.; Fenineche, N. Microstructure and magnetic properties of FeSiBCrC
soft magnetic alloy manufactured by selective laser melting. Mater. Lett. 2021, 290, 129469.

24. Załuska, A.; Matyja, H. Crystallization characteristics of amorphous Fe-Si-B alloys. J. Mater. Sci. 1983, 18, 2163–2172. [CrossRef]

161





MDPI
St. Alban-Anlage 66

4052 Basel
Switzerland

Tel. +41 61 683 77 34
Fax +41 61 302 89 18

www.mdpi.com

Materials Editorial Office
E-mail: materials@mdpi.com

www.mdpi.com/journal/materials





ISBN 978-3-0365-4928-6 

MDPI  

St. Alban-Anlage 66 

4052 Basel 

Switzerland

Tel: +41 61 683 77 34

www.mdpi.com


	A9Rh12b8c_9hywwr_65g
	Materials, Design and Process Development for Additive Manufacturing.pdf
	A9Rh12b8c_9hywwr_65g.pdf

