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Laser-based additive manufacturing (LAM) in all its variations is now being estab-
lished as a technique for manufacturing components from various material types and
alloys. However, the materials regularly used in these processes were developed for con-
ventional manufacturing processes (e.g., casting, injection molding, thermal spraying).
They are therefore not optimized for the characteristic process environments in laser ad-
ditive manufacturing, so some of the great potentials of this manufacturing technology
remain untapped. The urgent need for new materials throughout the industry is reflected
in current trends and market studies, e.g., [1], as well as intensified research activities on
material development for (L)AM.

The task of designing new materials is very challenging and, to be truly successful,
requires interdisciplinary collaboration between experts from a wide range of disciplines
(cf. Figure 1). Promising approaches to research include additivation and modification of
existing commercial base materials, typically powders, but also creating completely new
alloys starting with phase modeling and basic chemical reactions. Special properties to be
taken into account are, for example, powder material properties, flowability properties,
melt pool and flow characteristics, as well as solidification conditions. The consideration
of industrial requirements such as high efficiency, reproducibility, and precision is highly
essential for a holistic, sustainable approach.

 
Figure 1. (a) Schematic of interactive physical phenomena during a stable LPBF process [2]. (b) scan-
ning electron microscopy (SEM) picture of 1.2709 at 10,000× g magnification coated with 1 vol.%
SiC [3]. (c) Illustration of the surface coverage by micro powders with increasing nanoparticle loading
(vol%) [4].

With regard to metallic materials, one long-lasting challenge is to modify previously
un- or hardly processable materials in such a way that their defect-free consolidation be-
comes possible, e.g., by adding zirconia or boride nanoparticles to highly crack-susceptible
alloys such as Al7075 and Al606, as it is successfully being pursued by [5], and thus to ex-
pand the application range of LAM. This goes hand in hand with research and development
on the processes themselves, as, e.g., proposed by [6], accepting the challenge of manufac-
turing Mg-alloys with laser-based powder bed fusion (LPBF). Further developments and
innovations in the fields of systems engineering and photonics support these efforts, such as

Materials 2022, 15, 6172. https://doi.org/10.3390/ma15176172 https://www.mdpi.com/journal/materials1
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the use of ultrasound [7] or green laser radiation [8]. Similarly, many studies are currently in
progress to determine how the special temperature conditions in the process (cyclic heating,
rapid cooling) can be used in a targeted manner to produce special microstructures, for
example, precipitates or extremely fine structures, like in Al-Ni eutectic alloys investigated
by [9] or even to adjust properties locally in the component, as can be derived from results
of [10] on Al-Fe. Intrinsic heat effects can be used to trigger material transformations if
they are cleverly controlled [11] and thus enable new component designs. Likewise, a
targeted scan strategy and process parameter control allows us to locally promote and
select crystallographic orientations and phase compositions (e.g., [12–14]).

Due to the increasing computational capacity and performance, numerical methods are
increasingly used to represent and predict material behavior. Modeling of non-equilibrium
states, such as those encountered in LAM, is a valuable complement to classical phase
diagrams and paves the way for digital material development. Additivation, primarily
with nano-sized additional particles that are not dissolved in the melt pool and act as nuclei
and/or reinforcement in the resulting microstructure, is another growing field of research
for LAM of metals. Oxide dispersion strengthening (ODS) is an evolving example of how
material development benefits from AM by providing a method to produce these types of
composites more economically or at all. These advances also benefit from sophisticated
modeling, e.g., [2] propose a model to predict the nanoparticle’s exact location in solidified
LAM material. Another promising approach to modify powders at the nano level is to
systematically coat them to improve process behavior, like, e.g., investigated by [3] on
maraging tool steel.

Nanoparticles are also quite exciting for the AM of polymer materials [15]. A lot of
research focuses on semi-crystalline polyamide 12 (PA12). The authors of [16] were able
to prove in their investigations that even small amounts of added carbon nanoparticles
can significantly influence the mechanical properties without adversely changing the crys-
tallization behavior. Metallic or ceramic additives in micro- or nanoscale embedded in a
polymer matrix can be used to produce highly specialized parts even with new functionali-
ties, like, e.g., magnetic characteristics [17]. Achieving the desired distribution, however,
is still challenging in many applications. Polylactide acid (PLA) is another polymer with
increasing popularity in AM. Known to be both biocompatible and biodegradable, the
scope in [18] to also make the manufacturing route more environmentally friendly is both
obvious and ambitious.

In both metal and plastic AM, sustainability is playing an increasingly important role
in material selection and development. Efforts in the metals sector often include attempts to
substitute elements that are environmentally and ethically critical or that have an insecure
supply chain, such as rare earths, and to improve recycling routes for materials along the
entire process chain and components. With regard to polymers, research into the more
ecological production of raw materials is coming to the fore, as well as investigations into
materials that are biodegradable or easier to recycle or reuse.

Another material class-independent trend is the increasing use of modeling to map
process-dependent material behavior, thus reducing experimental effort and shortening
development cycles. For this, many correlations remain to be fully understood, making
fundamental work like, e.g., [19], which focuses on capillary phenomena, essential. This is
also accompanied by ever-increasing demands on measurement technology, which moti-
vates work like, e.g., those of [20], which contributes to learning about fast phase transition
kinetics by using advanced measurement techniques. In general, in situ techniques for
observing microstructure development during the process to gain a deeper knowledge of
process–property correlations are on the rise and quite successful [21].

As in any field of research, a collaboration between different researchers is the key to
innovation. Increasing digitization has advanced the rapid availability of data worldwide
and is accelerating developments on a massive scale. To assure consistency and validate
developed methods, interlaboratory studies like the one proposed by [4] are useful eval-
uation tools that benefit from a high number of researchers and laboratories involved.

2



Materials 2022, 15, 6172

Additionally, it becomes increasingly crucial to keep track of the growing volumes of data
and make the best possible use of them, research data management is also gaining more
and more importance.

Conflicts of Interest: The authors declare no conflict of interest.
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Abstract: The control of nanoparticle agglomeration during the fabrication of oxide dispersion
strengthened steels is a key factor in maximizing their mechanical and high temperature reinforce-
ment properties. However, the characterization of the nanoparticle evolution during processing
represents a challenge due to the lack of experimental methodologies that allow in situ evaluation
during laser powder bed fusion (LPBF) of nanoparticle-additivated steel powders. To address this
problem, a simulation scheme is proposed to trace the drift and the interactions of the nanoparticles
in the melt pool by joint heat-melt-microstructure–coupled phase-field simulation with nanoparticle
kinematics. Van der Waals attraction and electrostatic repulsion with screened-Coulomb potential are
explicitly employed to model the interactions with assumptions made based on reported experimen-
tal evidence. Numerical simulations have been conducted for LPBF of oxide nanoparticle-additivated
PM2000 powder considering various factors, including the nanoparticle composition and size dis-
tribution. The obtained results provide a statistical and graphical demonstration of the temporal
and spatial variations of the traced nanoparticles, showing ∼55% of the nanoparticles within the
generated grains, and a smaller fraction of ∼30% in the pores, ∼13% on the surface, and ∼2% on
the grain boundaries. To prove the methodology and compare it with experimental observations,
the simulations are performed for LPBF of a 0.005 wt % yttrium oxide nanoparticle-additivated
PM2000 powder and the final degree of nanoparticle agglomeration and distribution are analyzed
with respect to a series of geometric and material parameters.

Keywords: additive manufacturing; laser powder bed fusion; selective laser melting; oxide disper-
sion strengthened steel; phase-field model; finite element simulation; nanoparticle interaction

1. Introduction

Powder-based laser additive manufacturing techniques such as Laser Powder Bed
Fusion (LPBF) [1] or Direct Energy Deposition (DED) [2] have been recently established as
methods that allow the strengthening of metal alloys by modification of the microstruc-
ture [3]. Often, the strengthening is achieved by introducing lattice-matched nanoparticles
within the surrounding matrix [1]. Another methodology used for strengthening is the
introduction of exogenic dispersoids into the metallic matrix leading to the retardation
of dislocation movements. Dislocations interact with the impenetrable dispersoids by
the formation of a dislocation loop in between neighboring dispersoids only allowing
dislocation loops with equilibrium diameter below the dispersoids interspacing to bypass
the obstacle. This effect, known as the Orowan mechanism, describes that a fine dispersion
results in efficient hardening [4]. Oxide dispersion strengthened (ODS) steels make use
of this mechanism. The improved mechanical properties at high temperatures of ODS
alloys can be related to the nature of the steel matrix as well as the composition, size,
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and distribution of the dispersoids (i.e., nanoparticles). Introduced nanoparticles in ODS
steels are typically composed of yttrium-based oxides, exhibiting low solubility in the steel
matrix and having a low potential for coarsening by Ostwald ripening [5]. In combination
with the refining agent Titanium, nanoparticles with the chemical composition Y2Ti2O7 [6],
Y2TiO5 [6] are formed [7] with typical diameters of 2–3 nm in the 14YWT alloy [8]. The ad-
dition of aluminum enables the formation of various Y-Al-O-based compounds (YAlO3,
Y3Al5O12) [9] leading to coarser dispersoids (∼ 15 nm) and a reduced number density in
the PM2000 alloy [8], resulting in increased ductility at the cost of lower strength.

The main fabrication route for ODS steels is the powder metallurgy route [10]. How-
ever, this expensive and complex fabrication route often leads to a low fracture toughness
in the fabricated part and is inflexible in the part design [11]. As an alternative, additive
manufacturing techniques are capable of producing ODS materials offering high solidifica-
tion rates in combination with strong Marangoni forces within the melt pool, potentially
leading to a homogeneous distribution of the introduced nanoparticles [12]. The distribu-
tion of these nanoparticles is highly influenced by the additive manufacturing technique
employed and the parameters selected for processing due to differences in the melt pool
dynamics. However, recent studies on this topic show that it is difficult to achieve the
optimum nanoparticle size according to the Orowan mechanism due to segregation or
agglomeration of the nanoparticles, which in turn was found to deteriorate the mechanical
properties of the part [13]. Approaches to optimize the process such as evaluating the
influence of the powder characteristics [14] and process parameters [15], or alternative
additivation routes such as light mixing [16], improve the dispersion of the nanoparticles;
however, they still lack control over the nanoparticle size.

The size and dispersion of the nanoparticles in the ODS steels are influenced during
the steps that the initial powder undergoes until the fabrication of the ODS steel. First,
the nanoparticles are supported on the steel microparticles. Ball milling of the yttrium-
based nanoparticles with the steel powder is the most common approach to achieve
it [17,18]. While widely employed, the control of the final nanoparticle size and degree
of dispersion by this methodology is limited, and the steel microparticles size and shape
can also be affected [19]. To address this drawback, alternative supporting procedures
have been proposed [20] such as resonant acoustic mixing [21], solid–liquid reaction [22],
or colloidal dielectrophoretic deposition [23,24]. Once the nanoparticle-additivated powder
is obtained, the processing technique employed to generate the ODS steel samples and
the experimental parameters selected determine the evolution of the nanoparticles, their
final size, and dispersion in the ODS steel [12,25]. Even techniques with a similar working
principle to LPBF like direct energy deposition (DED)—both laser additive manufacturing
techniques—lead to differences in the nanoparticle agglomeration during processing due
to the higher cooling rates of the melt pool achieved in LPBF that favor the preservation
of the nanoparticle dispersion [12]. Even though these experimental observations pro-
vide an insight into the nanoparticle behaviors, further investigations would be required
to completely understand the undergoing nanoparticle capture (nanoparticles trapped
interior the microstructure), enrichment (local concentration increase of nanoparticles),
and agglomeration processes [26–29]. Since the nanoparticles are not accessible during
processing to perform in situ measurements, the combination of simulations with the exper-
imental characterization of the nanoparticle-additivated powder and the generated ODS
steel [13,30] represents the best approach to understand and control the LPBF processing
of ODS steels.

Intuitively, the simulation of the LPBF processing of ODS steels and the underly-
ing behaviors of nanoparticles, including their drift in the melt pool, captured during
re-solidification, enrichment, and agglomeration, requires the proper modeling of the
physical phenomena during the LPBF process and interactions among nanoparticles. It
already remains a great challenge to model the underlying phenomena due to their sophis-
ticated and interactive nature, covering a broad range of time and length scales. Notably,
the thermal/mass transfers and material transformations (including melting, solidification
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and evaporation) dominate on a length scale of hundreds to thousands micrometers over a
few dozen milliseconds. However, nanoparticle attraction and repulsion take place in a
different spatial and temporal scale, around several tenths of nanometers and within mi-
croseconds. Finally, the manufacturing of an ODS steel sample is explained in a completely
different scale of centimeters and takes hours or even days [31]. Resultant morphologies
also reveal themselves in a multiscale fashion [32]. In this sense, the existent simulation
schemes for the LPBF process are more or less subjected to strong simplifications and
segregated modeling schemes, considering either only selected aspects or with the ther-
mal history taken as input from separate numerical approaches. Those schemes usually
feature a computational fluid dynamics method to simulate the thermal-fluid coupled
spatial-transient evolution, including the arbitrary Lagrangian-Eulerian [33–36] and Lat-
tice Boltzmann [37–39], incorporated with another method to simulate the accompanied
microstructure evolution (mostly the polycrystalline re-solidification), such as the cellular
automata [40–44] and phase-field [45]. Recently, we proposed a new phase-field model
considering coupled processes among heat transfer, melt flow dynamics, and microstruc-
ture evolution (noted as “heat-melt-microstructure–coupled processes"), which shows the
possibility to simulate the LPBF process in a unified and thermodynamic consistent route
and the ability to recapitulate various experimental observations via simulation, such as
high-gradient temperature field, tilted columnar grains, and lack-of-fusion pores with
irregular shape [46].

On the other hand, very few works have been conducted regarding nanoparticle
drift and interactions in the melt pool, which is, however, the central aspect to investigate
the behaviors such as enrichment and agglomeration. Xu et al. [29,47] aimed to convey
fundamental understandings regarding nanoparticle capture during re-solidification in
order to obtain a nanocomposite-dispersed metal bulk, bringing the consideration of the
Van der Waals (abbreviated as VDW hereinafter) effect, the Brownian effect, and thermo-
dynamic analysis into the modeling of interactions in the nanocomposite-melt dispersion
system. There are also experimental works revealing the VDW [48] and electrostatic inter-
actions [49–51] among inorganic nanocomposites in the liquid metal. Nevertheless, those
works disregard the influence of the driving effect from the melt flow dynamics when
describing the nanocomposite-liquid/molten metal dispersion as well as the inter-particle
interactions. In this sense, a simulation scheme combining the coupled phenomena (espe-
cially the melt pool dynamic and microstructure evolution) and the nanoparticle behaviors
is still to be developed for the investigation of LPBF processing of ODS steels.

Joining our heat-melt-microstructure (HMM) coupled phase-field model with nanopar-
ticle kinematics, we present and apply in this work a simulation scheme for tracing the
nanoparticle drift and interactions in the melt pool during the LPBF process of the ODS
steels. This proposed scheme is aimed to demonstrate the chronological and spatial vari-
ation of multiple traced nanoparticles with respect to various factors (such as chemical
composition and size distribution), which enables graphical and statistical analysis on
the nanoparticle migration and further effects, such as nanoparticle capture, enrichment,
and agglomeration. The nanoparticle compositions used in the simulation are chosen based
on our experimental studies on the additive manufacturing of ODS steels, including the
use of Y2O3 [12,23] and YIG (yttrium iron garnet, Y3Fe5O12) [23] nanoparticles. Influences
from different types of nanoparticle size distribution, including the monomodal, normal,
and log-normal distributions fitted from the experimental measurement [23], are also
investigated and discussed in this work.

2. Models

2.1. Non-Isothermal Phase-Field Model for Stable LPBF Processes

To properly simulate the microstructure of a polycrystalline material, manufactured
under a stable LPBF process, a conserved order parameter (OP) ρ is employed to represent
the substance and atmosphere/pores; a set of non-conserved OPs φS and φL is employed to
represent the solid and liquid phases, respectively; and a series of non-conserved OPs {ηα}
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are employed to represent the orientation distribution among the powders/grains. Two
constraints should be applied on those OPs to properly recapture the reality (Figure 1a),
i.e., substance constraint (1 − ρ) + φL + φS = 1 to restrict the existence of liquid as well
as solid within the substance only, and the polycrystal constraint (1 − φS) + ∑α ηα = 1 to
restrict polycrystalline orientations inside the solid substance. Notice that the substance
constraint always satisfies when φL = ρ − φS. Therefore, only one φ to represent the solid
substance and (ρ − φ) to represent the liquid substance is sufficient. The other constraint
can be fulfilled via some practical numerical method, e.g., the Lagrange multiplier or the
penalty method.

We consider a stable LPBF process (Figure 1a), i.e., without significant vaporization
and resultant phenomena, such as scattering and keyholing. In this sense, the heat/mass
transfer through various diffusion paths (e.g., surface, grain interior, and grain boundary)
and melt flow, the dynamics of melt flow as well as the bubbles, the melting-solidification
of the grains, and some inter-coupling effects, such as thermocapillary (Marangoni effect)
and thermophoresis (Soret effect), would take the major role determining the resultant
microstructure of the manufactured sample. The nonlinear kinetic system in simulating the
stable LPBF processes is then adapted from our HMM-coupled phase-field model [46]. It is
worth noting that the HMM-coupled phase-field model, derived under the thermodynamic-
consistent framework, can be regarded as the combination of Navier-Stokes-Cahn-Hilliard
(NSCH) and Navier-Stokes-Allen-Cahn (NSAC) systems with inter-coupling effects inte-
grated. In this work, however, mentioned inter-coupling effects are tentatively dropped un-
der the consideration of the computational stability, consumption, and complicity control in
variants. These effects would be explicitly covered in our separate (e.g., the thermophoresis
in [52]) or upcoming works. The adapted nonlinear kinetic system for the velocity field of
the melt u, the temperature field T, and fields of OPs ρ, φ and {ηα}, eventually presents as

⎧⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎨
⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎪⎩

∇ · u = 0,
Du

Dt
= −∇p +

1
Re

∇2u +
1

Fr2 ĝ,

DT
Dt

+
1

Steφ

Dφ

Dt
= ∇ ·

(
1

PeT
∇T
)
+ qv,

Dρ

Dt
= ∇ ·

(
1

Peρ
∇ δF

δρ

)
,

Dφ

Dt
= − 1

Acφ

δF

δφ
,

Dηα

Dt
= − 1

Acη

δF

δηα
,

(1)

with dimensionless quantities, namely the Reynolds number (Re), the Froude number
(Fr), the Stefan number (Ste), the Péclet numbers for thermal (PeT) and mass (Peρ) transfer,
and Allen-Cahn numbers for melting-solidification (Acφ) and grain growth (Acη). Here,
ĝ stands for the unit vector of gravitation direction. These quantities are employed not
only to parameterize the nonlinear system but also to characterize the ratio between their
corresponding physical processes to the chosen rate (by default, the characteristic rate of
the fluid). Detailed parameterization of these quantities will be explained in Section 3.3.
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Figure 1. (a) Schematic of interactive physical phenomena during a stable LPBF process (left) and the order parameter
profiles of the phase-field model (right); (b) force analysis of two oxide nanoparticles (labeled as i and j) in the melt pool with
streamline and charges denoted; (c) schematic of charge distribution and potential profile across the oxide-melt interface
based on explanations in [49]; (d) variation of the inter-particle force densities to the surface distance.

The explicit formulation of non-isothermal free energy F is formulated as

F =
∫

Ω

[
fht(T, ρ, φ, {ηα}) + floc(T, ρ, φ, {ηα}) + fgrad(∇ρ,∇φ, {∇ηα})

]
dΩ.

fht(T, ρ, φ, {ηα}) =ξ(Aρ + Gφ + B ∑
α

ηα)

{
cr

[
Tln

T
TM

− (T − TM)

]
−

ΦL

[
T − TM

TM
L

]}
,

floc(T, ρ, φ, {ηα}) = wss(T, ρ) + wsl(T, ρ, φ) + wgr(T, φ, {ηα}),
fgrad(T,∇ρ, φ, {∇ηα}) =1

2
Tκρ|∇ρ|2 + 1

2
Tκφ|∇φ|2

+
1
2

Tκφ|∇ρ −∇φ|2 + 1
2

Tκη ∑
α

|∇ηα|2,

(2)

with

wss(T, ρ) = C(T)
[
ρ2(1 − ρ)2

]
,

wsl(T, ρ, φ) =H(T)
[
ρ2 + 6(1 − ρ){φ2 + (ρ − φ)2} − 4(2 − ρ){φ3 + (ρ − φ)3}

+3{φ2 + (ρ − φ)2}2
]
,

wgr(T, φ, {ηα}) = D(T)

⎡
⎣φ2 + 6(1 − φ)∑

α

η2
α − 4(2 − φ)∑

α

η3
α + 3

(
∑
α

η2
α

)2
⎤
⎦,
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and

C(T) = Cpt − Ccf(T − TM),

D(T) = Dpt − Dcf(T − TM),

H(T) = Hpt − Hcf(T − TM)

,

where TM is the melting temperature, L is the latent heat of the material, and cr is the
relative volumetric specific heat. Therefore, the variational derivatives of the free energy
appearing in Equation (2) yield

δF

δρ
=

∂ fht
∂ρ

+
∂ floc
∂ρ

− Tκρ∇2ρ − Tκφ(∇2ρ −∇2φ),

δF

δφ
=

∂ fht
∂φ

+
∂ floc
∂φ

− Tκφ∇2φ + Tκφ(∇2ρ −∇2φ),

δF

δηα
=

∂ fht
∂ηα

+
∂ floc
∂ηα

− Tκη∇2ηα.

Model parameters A, B, G, Cpt, Ccf, Dpt, Dcf, Hpt, Hcf, as well as the gradient constants
(κρ, κφ, and κη), are obtained from given diffusive interface width and the experimentally
measured interface energies. Coefficient ξ is employed to favor the determination of model
parameters by fitting the experimental results (sufficiently summarized in Ref. [46] and
supplementary information of Ref. [53]). ΦL is the interpolation function indicating the
spatial landscape of the liquid/melt (see Section 3.3).

Finally, the thermal effect is equivalently treated as an internal heat source term qv

moving with the scan velocity vl

qv = ΦssβPl

{
Π

πR2
l

exp

[
−Π

|x − vlt|2
R2

l

]}
2

ζ
√

π

(
−|z − zv|2

ζ2

)
, (3)

in which Pl is the laser beam power reaching the surface of the powder bed, β is the
attenuation coefficient. Φss is the interpolation function for the substance. x is an arbitrary
point on the projected plane of the laser beam on the powder bed surface, while z is an
arbitrary depth from the plane. (vlt, zv) is the moving center of the beam following the
morphology of the surface. ζ is the characteristic penetration depth and normally takes
the value of the powder bed thickness. Notice that parameter Π is utilized to adjust the
concentration of the deposited power inside the circular beam spot with nominal radius Rl,
e.g., as suggested by the ISO standard [54], Π = 2, indicating 86.5% of the concentrated
power within the spot. Pl, Rl, and the mode of the scan velocity vl = |vl| (scan speed) are
thereby regarded as the major processing parameters of the laser scan in this work.

2.2. Nanoparticle Kinematics

The coupled evolution among polycrystalline microstructure, melt flow dynamics,
and temperature transfer is calculated on the mesoscale (0.1–100 μm) using the phase-field
model presented above. Since the size of nanoparticles is smaller by several orders, the pos-
sible influence of nanoparticles on these mesoscale effects is ignored. As an important part
of nanoparticle kinematics, the drift effect of melt flow is inherited from the phase-field
simulations. Moreover, nanoparticles can interact with each other by different mechanisms.
Based on former research for dispersed non-metallic particles [29,47,55–57] neglecting the
rotation, the kinematic equation for a dispersed rigid nanoparticle (labeled as i) with a
volume Vi, the density 
i, and the translation velocity vi in the melt,


i
dvi
dt

= 
ig + fM + fA + fE, (4)
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in which the r.h.s. terms are the driving force densities due to the gravity, the melt flow,
the VDW, and the electrostatic interaction, respectively (Figure 1b).

Considering the boundary of the nanoparticle as ∂Vi, the force density due to melt-
flow driven is formulated as fM = 1

Vi

∫
∂Vi

σ · n dS, in which the Cauchy stress tensor of

the fluid reads σ = −pI + 1
Re∇2u. This is widely employed in simulating nanoparticle

dispersion, including lattice-Boltzmann [57,58] and finite element method using static [59]
or fictitious domain [60,61]. Assuming an infinitesimal size of the nanoparticle compared
to the characteristic length scale of the melt, i.e., Vi → 0, fM can be thus calculated as
follows in this work according to the definition of the divergence

fM = lim
Vi→0

1
Vi

∫
∂Vi

σ · n dS = ∇ · σ|xi

= 
m

(
Du

Dt

∣∣∣∣
xi

− 1
Fr2 ĝ

)
,

(5)

where xi is the center point of the nanoparticle, and Du/Dt|xi
is the undisturbed time

difference of the melt velocity at point xi.
The VDW and electrostatic force densities, depending on respective inter-particle

potential UA and UE, can be formulated as

fA = − 1
Vi
∇dUA(dC), fE = − 1

Vi
∇dUE(dC), (6)

where dC is the inter-particle center distance, dC = |xi − xj|, distinguishing for the surface
distance dS = |xi − xj| − (ri + rj), as shown in Figure 1b. ∇d represents the gradient
operator in the inter-particle direction. Derived by Hamaker [62], the inter-particle potential
of VDW attraction between nanoparticles i and j with corresponding radius ri and rj is

UA(dC) = − Ap:m

6

{
2rirj

d2
C − (ri + rj

)2 +
2rirj

d2
C − (ri − rj

)2 + ln

[
d2

C − (ri + rj
)2

d2
C − (ri − rj

)2
]}

, (7)

where Ap:m is referred to as the Hamaker coefficient of the nanoparticle in a medium,
which is dependent on the permittivity of involved materials and the intervening medium.
According to Dzyaloshinskii-Lifshitz-Pitaevskii interpretation [63,64], in which nanoparti-
cles are treated as continuous media (rather than atomic structure as [62]), and inter-particle
forces are derived in terms of permittivities and refractive indices, the non-retarded (in-
stantaneous) Hamaker coefficient for VDW interactions between two nanoparticles of the
same material through a medium (denoted as Ap:m) is estimated as

Ap:m =
3
4

kBT
(

εp − εm

εp + εm

)2
+

3h̄ωe

16
√

2

(
n2

p − n2
m

)2

(
n2

p + n2
m

)3/2 (8a)

with the permittivities εp and εm, and the refractive indices np and nm of the nanoparticle
and the medium, respectively. kB and h̄ are Boltzmann constant and reduced Planck
constant, while ωe is the electronic absorption frequency, ranging in 3 ∼ 5 × 1015 Hz. It is
worth noting that Equation (8a) is not employable due to the difficulties in the practical
measurement of permittivity and refractive index of the molten metal. As an alternative,
Ap:m is calculated from the ones for nanoparticle (Am:v) and medium (Ap:v) that obtained
separately in the vacuum, according to the following combining relation [48,65]

Ap:m =
(√

Ap:v −
√

Am:v

)2
, (8b)
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where Ap:v can be obtained from experimentally measured optical data [56], while Am:v for
dispersed metallic particle/droplet in the vacuum is derived from Dzyaloshinskii-Lifshitz-
Pitaevskii theory by taking the estimated frequency-dependent permittivity for metals as
εm(ω) ≈ 1 − ω2

e/ω2 with two critical conditions, i.e., εm(0) = ∞ and εm(∞) = 1, which is
valid for plasma and metal. Then, Am:v eventually yields

Am:v =
3
4

kBT +
3h̄ωe

16
√

2
. (8c)

Obviously, Ap:m obtained from either Equations (8a) and (8b) is always positive
with a typical value ranging in 10−19 ∼ 10−20 J, demonstrating an ever attractive VDW
forces between two nanoparticles of the same material through a melt (taking negative
value as attraction and positive one as repulsion for all nanoparticles if without further
interpretation).

Unlike in the aqueous solution, electrostatic repulsion in the molten metal has rarely
been studied. Although there are works [29,47] assuming negligible electrostatic interac-
tion due to the strong screening effect of background free electrons in the melt, there is
reported evidence of charged surface on the oxide nanoparticle in the liquid metal [49,50].
Due to accompanied electron defects (like quasi-free electrons or holes) in the oxide, elec-
tron flow occurs across the interface when the oxide nanoparticles are in contact with the
liquid metal, resulting in the surface potential ψi and corresponding profiles at the inter-
face [49,51], as shown in Figure 1c. Combining the above viewpoints from existing studies,
the following assumptions are made in the work to model the electrostatic interaction
between nanoparticles through melt:

1. Electrons in the molten metal behaves as a free electron gas with a density ne, receiving
only the contributions from valence electrons of all metallic elements in the melt.

2. Charged surface exists on the oxide nanoparticles in the melt, even though its effect is
weak or absent due to the strong screening effect. The value of this surface charge ψi
is assumed to be equal to that obtained from a neutral aqueous dispersion.

Then, the screened-Coulombic potential between two nanoparticles, applied for elec-
trostatic interaction in the electron-screened system (like plasma), is adopted from [66], i.e.

UE(dC) = Z
rirj

dC
exp
[dC − (ri + rj)

λP

]
, (9)

where the interaction coefficient Z is analogous to the Hamaker coefficient, reading as

Z = 4πε0ψiψj, (10)

which also presents a positive value for nanoparticles of the same material in the melt,
demonstrating an ever repulsive electrostatic interaction. λP is the plasma Debye length,
which depends on the free electron density ne, i.e.,

λP =

√
ε0kBTM

nee2
0

, ne = 
mNA
∑l clzl

∑l clml
,

where zl , cl , and ml are the valence electron number, the atom fraction and the atom mass
of the element l, respectively. NA is the Avogadro constant, ε0 is the vacuum permittivity,
and e0 is the elementary charge. Taking the formulation of the interaction potentials in
Equations (7) and (9), the VDW and electrostatic force densities are formulated as
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fA = − 32Ap:mdC(rirj)
3

3Vi

[
d4

C − 2d2
C

(
r2

i + r2
j

)
+
(

r2
i − r2

j

)2
]2

xi − xj

dC
,

fE = Z
rirj(dC + λP)

ViλPd2
C

exp
[
−dC − (ri + rj)

λP

]
xi − xj

dC
.

(11)

According to its physical meaning, λP characterizes the strength of the screening
effect due to the electrostatic interaction received by one nanoparticle, which is reflected
by the decaying length scale of the fE, as shown in Figure 1d. It is calculated that for
the alloy such as PM2000, λP is at the scale of 10−3 nm, indicating a very short-range
electrostatic repulsion. In addition, fE trends to the ordinary Coulombic potential fCoul

E with
a finite value when two nanoparticles are getting in touch, while fA tends to infinity. This
demonstrates that the attractive VDW interaction dominates the resultant effect between
two nanoparticles, which would destabilize the dispersion system from a perspective of
colloidal science [29,48,65] and lead to agglomeration of the nanoparticles. This is against
the preference of forming a homogeneous oxide dispersion during the LPBF process.
Therefore, the validation of the proposed model relies on further experimental insights into
the interactive behavior of the nanoparticle in the molten/liquid metal, which would be
covered in our future works.

3. Methods

3.1. Numerical Scheme and Implementation

Assuming negligible counter-effect of the nanoparticles on the melt flow, the sim-
ulation is designed in a subsequent scheme: an HMM-coupled phase-field simulation
for the LPBF process and a subsequent nanoparticle kinematics simulation with infor-
mation received from the phase-field simulation, as shown in Figure 2. The information
includes the initial condition (IC) of the powder bed as a set V(XI , RI) with the center
XI and the radius RI of the powder I to create IC (centers and radii) for the additivated
nanoparticles, and nodal values (ρJ , φJ , {η J} and f

J
M of nodal J) of every time-step to

provide the melt-flow driving force as well as the on-site phase information. Due to the
infinitesimal-volume assumption, the drifted nanoparticles are represented and traced by
corresponding center position xi. The trajectories of the nanoparticles are then calculated
numerically by discretizing the kinematic model outlined in Section 2.2 in the backward
differences fashion:

vi|t = vi|t−δt +

[
g +

1

i
(fM + fA + fE)

]
δt

xi|t = xi|t−δt +
1
2
[vi|t−δt + vi|t]δt.

(12)

Note here the time difference δt should be by default no larger than the time interval
Δt of the phase-field simulation to ensure the accuracy of the tracing. This tracing program
repeats along with the phase-field simulations till reaching the stop criteria, i.e., the end
time of simulation or interrupted due to non-converge situation during finite element
method calculation. In addition to the trajectories, another important piece of information
is the relative position of a nanoparticle in mesoscopic microstructure, for instance, grain
interior, grain boundary region, pore, or surface. The position of a nanoparticle can change
during its drift and is thus described by a chronological variable, which is termed here as
“position indicator”.

The phase-field model is numerically implemented via the finite element method
within the program NIsoS developed by authors based on MOOSE framework (Idaho Na-
tional Laboratory, ID, USA) [67]. Four-node quadrilateral Lagrangian elements are cho-
sen to mesh the geometry. The Cahn-Hilliard equation is solved in a split way [68,69].
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A transient solver with preconditioned Jacobian-Free Newton-Krylov (PJFNK) method and
second-order backward Euler algorithm has been employed to solve the non-isothermal
phase-field problems. Adaptive meshing and time-stepping schemes are used to reduce the
computation costs. In addition, to stabilize the calculation of NSCH and NSAC systems,
streamline-upwind Petrov-Galerkin and pressure-stabilized Petrov-Galerkin methods are
introduced associated with the weak forms of the Navier-Stokes equations [70]. For now,
the subsequent nanoparticle tracing program is coded by Python (ver. 3.7.10), which is
independent of NIsoS. It is planned to integrate the tracing program as a subroutine of the
phase-field simulation program in the future.
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Figure 2. Workflow of the simulation scheme, including a phase-field simulation and a subsequent nanoparticle
tracing program.

3.2. Simulation Setup

As a preliminary step, we apply first our nanoparticle tracking scheme for a 2D
phase/field simulation of LPBF following our former work [46], which can recapture
certain characteristic powder bed features, e.g., particles with multiple sizes and various
pores due to the particle packing. The simulation domain has a size of 500 × 100 μm.
Particles inside the domain are generated with the random close packing procedure. Due to
the uncertainty of the initial grain structure of a single particle, we simply treat each particle
as a monocrystal with a unique random orientation following the reported simulation
works [46,71]. With the help of the minimum coloring algorithm and grain tracking
algorithm [53,72], five ηα are sufficient to uniquely represent all the particles/grains for
these simulations. The zero Neumann boundary condition (BC) for ρ and zero Dirichlet BC
for u, representing a close BC for the system, are applied on the boundary Γ = ∂Ω of the
whole simulation domain Ω,

∇ρ|Γ · n̂ = 0, u|Γ = 0, (13)

where n̂ is the normal vector of the boundary Γ, and 0 is the null vector. The heat convective
BC allows heat dissipation as heat convection with the atmosphere on the top boundary Γ′

− k∇T|Γ′ · n̂ = h(T|Γ′ − TE), (14)

where h is the convective coefficient and TE is the environment temperature. The Dirichlet
BC on temperature with a fixed pre-heating temperature TP is applied on the rest of the
boundary Γ′′ (Γ = Γ′ ∪ Γ′′) to emulate the contact with a semi-infinite heat reservoir (e.g.,
the substrate)

T|Γ′′ = TP, (15)

which helps to restrain the melt pool size for better demonstration in this work.
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In addition, the pinning pressure BC on the top-left corner C (C ∈ Γ′) is applied on
the hydrodynamic pressure p as

p|C = 0 (16)

to avoid the difficulties associated with the non-trivial nullspace of the operator pre-
specified in the PJFNK solver as suggested in Ref. [70].

3.3. Parameters and Properties

The dimensionless quantities are employed in the nonlinear kinetic system for HMM-
coupled phase-field simulations as explained in Section 2.1. Following the conventions of
NSCH and NSAC system, they are formulated explicitly as

Re =

v̄l̄
ν

, Fr =

√

v̄
bt̄

, Ste =
crT̄
L

,

Peρ =
v̄�l̄
γ̄M

, PeT =
v̄l̄cr

k
, Acφ =

v̄�
γ̄l̄Lφ

, Acη =
v̄�

γ̄l̄Lη
,

(17a)

where v̄, l̄ and T̄ are the characteristic velocity, length and temperature of the melt flow,
while � is characteristic width of the diffusive interface corresponding to the given charac-
teristic surface tension γ̄. ν is dynamic viscosity, k is the thermal conductivity, and M is the
isotropic diffusivity. Lφ and Lη are the isotropic Allen-Cahn mobility of the solid-liquid
interface and grain boundaries. b is the magnitude of the resultant body forces acting on
the melt flow. For convenience, we use a set of simpler reference quantities to re-define
those characteristic quantities by substituting the following relations in Equation (17a):

v̄ =
l̄
t̄
, T̄ = TM, γ̄ =

√
TMκTM

ρ CTM
pt , � =

√√√√TMκTM
ρ

CTM
pt

.

Notice that the CTM
pt = κTM

ρ TM/l̄2 which is the model parameter obtained at the

reference temperature TM. κTM
ρ is the gradient model parameter at a reference temperature

TM. Then, dimensionless quantities in Equation (17a) can be thereby modified as

Re =

l̄2

t̄ν
, Fr =

√

l̄
bt̄2 , Ste =

crTM

L
,

Peρ =
l̄2

Mt̄CTM
pt

, PeT =
l̄2cr

t̄k
, Acφ =

1

Lφ t̄CTM
pt

, Acη =
1

Lη t̄CTM
pt

.

(17b)

Notice here that material properties cr, k, 
, ν, should be phase-dependent and thereby
formulated in a direct interpolated fashion as

cr = ΦScp
S
S + ΦLcp

L
L + Φatc
p
at
at,

k = ΦSkS + ΦLkL + Φatkat,


 = ΦS
S + ΦL
L + Φat
at,

ν = ΦSνS + ΦLνL + Φatνat,

(18)

where cp
(·), k(·), 
(·), and ν(·) are respectively the specific enthalpy, thermal conductivity,

density, and dynamic viscosity of the corresponding phase. Similarly, the effective value
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of mobility Lη and M through possible paths are adopted correspondingly from the self-
diffusivities Deff

(·) and grain boundary mobility Geff
gb [46,53,73,74], i.e.,

M =
1

∂2 floc/∂ρ2|ρ=1

(
ΦssDss + ΦatDat + ΦsfDsf + ΦgbDgb

)
,

Lη =
Ggbγgb

Tκη
,

(19)

while the quantity of Lφ is tentatively given as 20/t̄CTM
pt , which makes resultant 1/Acφ

sufficiently larger than 1/Acη to emulate a relatively faster melting-solidifying process
than grain growth [46]. This is due to the lack of a quantitative description of migration
mobility of the liquid. The subscript represents the quantities of the corresponding phases,
e.g., ‘ss’ as the substance, ‘at’ as the atmosphere/pore, ‘sf’ as the surface, ‘gb’ as the grain
boundary, ‘S’ as the solid and ‘L’ as the liquid/melt. Then, the interpolating functions Φss,
Φat, Φgb, Φsf, ΦS, and ΦL can be simply formulated as

Φss = ρ3
(

10 − 15ρ + 6ρ2
)

, Φat = 1 − ρ3
(

10 − 15ρ + 6ρ2
)

,

Φsf = 16ρ2(1 − ρ)2, Φgb = 16 ∑
i 
=j

η2
i η2

j ,

ΦS = φ3
(

10 − 15φ + 6φ2
)

, ΦL = Φss −
[
φ3
(

10 − 15φ + 6φ2
)]

.

(20)

Note that the constraints on the OPs should be also applied on the interpolation
functions, i.e., 1 = Φss + Φat and Φss = ΦL + ΦS.

4. Results and Discussion

Simulation results are presented here for a single scan LPBF nanoparticle-decorated
PM2000 alloy in an argon atmosphere. The composition of the PM2000 adopted in this work
(presented in Table 1 following our former experimental investigations [12,23]) presents a
ferritic structure in the high-temperature range (from 1000 K to the melting temperature)
without solid-state phase transition, according to the Fe-Cr-Al ternary phase diagram
reported in Ref. [75]. Therefore, the material properties for ferritic PM2000 alloy displayed
in Table 2 are employed for the simulations. The reference length scale selected for the
simulation is l̄ = 1 μm, and the time scale t̄ = 1 μs. The LPBF parameters are selected
according to the LPBF experiments in [12]. The characteristic radius of the beam is set
as Rl = 80 μm, the penetration depth ζ is defined by the thickness of the powder bed,
and the laser power and scanning speed are Pl = 160 W and vl = 800 mm/s, respectively.
The attenuation coefficient of the laser is β = 0.65. The environment temperature TE as
well as the pre-heating temperature TP are both set to 353 K.

Table 1. Chemical composition of the PM2000 alloy as measured by XRF (only elements present in
an amount ≥ 0.01 wt % are shown) [12,23].

Fe Cr Al Ti Ni Si Cu

wt % Bal. 20.40 3.94 0.58 0.10 0.03 0.01

The single scan LPBF of the monomodal Y2O3 (15 nm in radius) nanoparticle-additivated
PM2000 powder is first discussed. Chronological microstructure evolution along with the
traced nanoparticles and their trajectory are depicted in Figure 3. To provide a further insight
into the steel and nanoparticle evolution during processing, three PM2000 particles from
different locations with radii of 17–19 μm are chosen as the “parent particle” and marked
as ‘A’, ‘B’, and ‘C’. Fifty equispaced nanoparticles are placed on their surfaces in order to
simulate a perfectly homogeneous initial nanoparticle dispersion. Parameters for nanoparticle
interactions, including the Hamaker coefficient and the surface potential can be found in
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Table 3. As the HMM-coupled phase-field simulations [46] show, the microstructure evolution
of LPBF-processed PM2000 features multiple phenomena, including melt flow convection as
well as accompanied behaviors of pores/bubbles, partially melted particles, re-solidification,
and sintering of particles/grains, resulting in columnar grains and trapped irregular-shape
pores due to lack of fusion. Those phenomena are also highlighted in Figure 3a1–a4. The focus
here is on how the nanoparticles drift and eventually migrate under the influence of those
effects. Initially, all the nanoparticles are located onto their corresponding parent particles
before the laser interaction and generation of the melt pool (Figure 3a1). Once fully immersed
by the melt, the nanoparticle drift is firstly driven by the melt flow, i.e., there is a driving
force along the tangent direction of the streamline (Figure 3a2,b1–d1. This effect is illustrated
in Figure 1b1–b4). Due to the sufficiently large spacing, other interaction contributions
among nanoparticles are negligible. After the initial drift due to the melt front propagation,
the evolution of the nanoparticles is associated with different physical phenomena depending
on their location and surroundings. Nanoparticles around a pore/bubble, which are identified
as the “bubble-carried” ones, would follow the floating, deforming, or even splitting of bubbles
(Figures 3a2,b2–d2,b3–d3). It is also possible that the melt flow brings multiple nanoparticles
into a narrow region at the time, which is already within the range of nanoparticle interactions
(specifically the VDW attraction since the electrostatic repulsion has an even shorter range
around 10−3 nm). In this sense, the trajectory of certain nanoparticles would be redirected
abruptly. Meanwhile, nanoparticles near the bottom of the melt pool present very little
migration comparing to others. The reason can be the very short immersing time (thus
less driven by melt-flow) or the partial melting of the corresponding parent particles. Next,
when the laser front scans away, the local temperature drops and, once below TM, the re-
solidification occurs, forming the tail of the melt pool. Once the re-solidifying front goes
through the migrating nanoparticles, they are immediately captured and become either
interior or grain boundary (GB) nano-inclusions, while the ones carried by the bubbles stay
as they are and become pore-trapped nanoparticles. Nanoparticles can also be found on the
surface driven by either melt flow or emerging bubbles (Figure 3a3). Figure 3d2–d4 present
an additional case where nanoparticles, initially located on the surface, migrate in accordance
with the deformation of the surface morphology. During this process, the nanoparticles with
a relatively higher speed (driven by the melt flow) might enter the melt pool and become
the in-grain nano-inclusions, while others remain on the surface. Finally, Figure 3a4 presents
traced nanoparticles with all sorts of position indicators (denoted by colors) and, notably,
the locally enriched nano-inclusions and several ones with overlapped trajectories, implying
potential agglomeration effects. One can readily tell from Figure 3a2,a3 that such enrichment
majorly can be attributed to the melt-flow driving force, where multiple nanoparticles follow
similar trajectories governed by the transient streamlines. However, it is worth noting that
the overlap of the trace markers (indicating the center locations of the nanoparticles rather
than the sizes) do not sufficiently reflect nanoparticle agglomeration effects, which should be
explicitly determined by an adjacency test on the real scale of the nanoparticles’ size. This will
be discussed in the following demonstrations.
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Figure 3. Simulation results of an LPBF-processed ferritic PM2000 powder bed with Pl = 160 W and vl = 800 mm/s, in
which three particles are marked and decorated with Y2O3 nanoparticles. Transient microstructure, nanoparticle tracing,
and feature phenomena are presented at (a1) 197 μs, (a2) 398 μs, (a3) 529 μs, (a4) 718 μs . Trajectories of nanoparticles are
respectively depicted for nanoparticles initially located on different parent particle at corresponding timestep, i.e., on parent
particle A at (b1) 398 μs, (b2) 465 μs, (b3) 529 μs, (b4) 606 μs; on parent particle B at (c1) 333 μs, (c2) 398 μs, (c3) 465 μs,
(c4) 529 μs; and on parent particle C at (d1) 366 μs, (d2) 465 μs, (d3) 529 μs, (d4) 606 μs. Notice that the trace markers at the
end of the trajectory only indicate the central location of the nanoparticle at the time rather than the size.

Table 2. Material properties of the ferritic PM2000 alloy and Ar atmosphere, employed in the simula-
tions.

Properties Expressions (T in K) Units References

TM ∼ 1756.15 K [76]

γ
exp
sf 1.63 − 4.49 × 10−3(T − TM) ∗ J/m2 [77,78]

γ
exp
gb 0.28 − 7.74 × 10−3(T − TM) ∗ J/m2 [77,78]

Dsf 10 exp(−2.41 × 105/RT) † m2/s [77]
Dgb 1.1 × 10−2 exp(−1.74 × 105/RT) † m2/s [77]
Dss 1.8 × 10−5 exp(−2.08 × 105/RT) † m2/s [77]
Ggb 5.36 exp(−3.54 × 105/RT) m4/(J s) [79]
kss 30.841 + 0.011(T − TM) J/(s m K) [76]
kat ∼ 0.06 J/(s m K) [80]
hat ∼ 100 J/(s m2 K)

cp
ss 908.596 + 0.323(T − TM) J/(kg K) [76]

cp
at 520 J/(kg K) [81]

L 2.4 × 109 † J/m3 [82]

ss 7180 kg / m3 [76]

at 1.38 kg / m3

νss ∼ 5.33 × 10−3 ‡ (J s)/m3 [83]
νat ∼ 7.53 × 10−5 (J s)/m3 [84]

* Temperature-dependent data form [78] and scaled based on the value at TM from [77]. † Data from ferrite.
‡ Linearly interpolated from temperature-dependent measurements on Fe-Cr melt with 21 at% Cr.
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Table 3. Material properties and interaction coefficients of the Y2O3 and YIG nanoparticles.

�i (kg/m3) Ap:v ( 10−20 J) Ap:m ( 10−20 J) ψi (mV) Z ( 10−14N)

Y2O3 5.01 × 103 14.0 5.43 26 7.52
YIG 5.17 × 103 24.2 1.33 59 38.73

Figure 4a,b presents the interactive forces vs. surface distance between two nanoparti-
cles with different radii and composition, which are Y2O3 and YIG, their properties and
related coefficients are listed in Table 3. Notice here the Hamaker coefficients in the melt
for both Y2O3 and YIG are calculated according to Equation (8b) using the coefficients in
vacuum for both compositions and the melt, where Am:v = 37 × 10−20 J is calculated by
Equation (8c). It can be observed that, for the same surface distance, increasing nanoparticle
radius leads to a higher VDW attraction as well as electrostatic repulsion. Comparing
nanoparticles of the same size but different composition, YIG nanoparticles present less
VDW attraction and more electrostatic repulsion compared to Y2O3 ones. Nevertheless,
the interaction range of the electrostatic repulsion is limited to the 10−3 nm scale, and
this interaction highly decreases in the nanoscale due to strong screening effects from
background free electrons (reflected by very small λP), where the VDW attraction still takes
the major role. This fact explains the instability of homogeneously dispersed nanoparticles
on the 10 nm scale, as explained in Section 2.2. In the case of VDW attraction, it presents
a considerable decay when dS ≥ 2 nm, hence its influence over the inter-nanoparticle
attractions is low, especially when the nanoparticles are sparsely distributed. Therefore,
melt-flow-driven effects are the dominant mechanism, and the effects from nanoparticles’
size (radius) and density would be significant.

In Figure 4c1–c12,d1–c6, nanoparticles with four different radii and two compositions
are labeled uniformly with respect to their corresponding parent particles, in which ones
with evident changes in their trajectories and position indicators are screened out. Com-
paring A1, A2 among Figure 4c1–c3; and B10, B15 among Figure 4c5–c8,d3,d4, a higher
tendency to float is presented when increasing the size of nanoparticles of identical com-
position, or using Y2O3 than YIG for nanoparticles of identical size. Pair A1–A2 between
Figure 4c3,c4 and pair C41–C44 between Figure 4c9–c12, on the other hand, indicate the
potential interaction between particles. In particular, the latter pair presents a merged
trajectory after one abrupt redirection, implying a potential agglomeration due to a short-
range VDW attraction. A similar effect is also spotted for the case with relatively higher
density (i.e., YIG) by comparing again the pair A1–A2 between Figures 4d1,d2 and pair
C41–C42 between Figures 4d5,d6, demonstrating the potential enhanced interaction in an
increased size for nanoparticles of identical composition/using YIG compared to Y2O3
for nanoparticles of identical size. Apart from these effects, a more complicated pattern
variation in the overall trajectories change shall be discussed with respect to the change in
nanoparticle size/composition. Unfortunately, information for current simulations (noting
the nanoparticle are sparsely distributed) remains insufficient to deduct such a pattern
change, which will be sufficiently covered in our upcoming works.
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Figure 4. Diagrams of interactive forces between two nanoparticles of the same size vs. surface distance for cases (a)
varying size (radius) for two Y2O3 nanoparticles, and (b) comparing nanoparticle compositions of Y2O3 and YIG for two
nanoparticles with ri = 15 nm. Trajectories and relative positions at the final timestep are respectively for nanoparticles
with varying radius and composition on different parent particle, i.e., for Y2O3 nanoparticles on parent particle A with
varying radius of (c1) 10 nm, (c2) 20 nm, (c3) 30 nm, (c4) 40 nm; on parent particle B with radius of (c5) 10 nm, (c6) 20 nm,
(c7) 30 nm, (c8) 40 nm; on parent particle C with radius of (c9) 10 nm, (c10) 20 nm, (c11) 30 nm, (c12) 40 nm; and for
nanoparticles with monomodal radius of 15 nm on parent particle A with composition (d1) Y2O3, (d2) YIG; on parent
particle B with composition (d3) Y2O3, (d4) YIG; on parent particle C with composition (d5) Y2O3, (d6) YIG. it demonstrates
that the pattern of trajectories changes due to varying size/composition. By comparing the selected trajectories (labeled
uniformly), an enhanced nanoparticle floating is observed when increasing the size of nanoparticles.

A statistic investigation of the nanoparticle evolution during processing is conducted
to deduct features such as enrichment and agglomeration. The simulations shown in
Figure 5 are performed for PM2000 powder with nine selected parent particles decorated
with 0.005 wt % Y2O3 nanoparticles due to the limited computational efficiency, as pre-
sented in the inset of Figure 5a. Notice here that the weight percentage is calculated

adapting the 2D scenario, i.e., wt % =
Np
i r̄2

i

mR2

I
with the total amount of nanoparticle Np.

In this sense, nanoparticles of Np = 1240 are traced simultaneously. Three types of nanopar-
ticle size distributions are investigated: the normal and the log-normal fittings of the large
nanoparticle fraction measured in [23] and a monomodal obtained from the fitted mean
radius r̄i = 13 nm of the distribution. To reduce the contamination to the statistics of the
drift destinations, alloy powders located lower than the melt pool depth are not decorated
with nanoparticles (inset in Figure 5a). Figure 5b presents the statistics of the drift des-
tinations of the Y2O3 nanoparticles tested with different size distributions. Employing
the adjacency test, in which the center distances (dC) between nanoparticles are individ-
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ually compared with the corresponding sum of mutual radii (ri + rj), the agglomerated
nanoparticles can be identified. Following this criterion, the nanoparticles are classified
as agglomerated/non-agglomerated, showing the corresponding fraction in Figure 5b.
The results show that ∼ 55% of the nanoparticles are captured inside the grains after the
LPBF process. Comparing different size distributions, monomodal and log-normal types
have almost the same amount of in-grain nanoparticles (nano-inclusions), while the normal
type shares the same agglomeration ratio as the log-normal type. However, only ∼ 2% of
the nanoparticles end up in the grain boundaries. Within the nanoparticles in the grain
boundaries, the log-normal distribution presents more agglomerated nanoparticles, reach-
ing 46% (0.6% out of in-total 1.3%). In addition, there are nanoparticles that end up in the
pores, ∼ 30%, and the surface, ∼13%. It is worth noting that these statistical results with a
high fraction of in-grain nano-inclusions and a very low fraction of GB-captured ones may
be attributed to the lack of driving effects from the migration of various interfaces, such as
melt-grain interface and grain boundaries, which might force some of the nanoparticles to
translate towards the migrating directions, pushing them away from the grain interior and
eventually capturing them after the fusion of the powder bed.

Y O Fe Cr

150 350

[23]

Grain Grain BoundarySurface Pore

(a) (b) 

(c) 

Scope 1

Scope  2

Scope 1Scope 1

Scope 2Scope 2
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I4 YYYYY OOOOO CrCrCrCCrCrCrCrCrCrCrrCrCrCrCCrCrrCrCCCCrCrCCCrCrCrCrCCrCCCY O Fe Cr
(d) 

Nanopartilces at/in:

Figure 5. (a) Size distributions of nanoparticles. Inset: selected parent particles. (b) Statistics of drift destinations of
nanoparticles with respect to distinct size distributions, presented as the percentage of quantity to the total amount of
decorated nanoparticles, i.e., Np = 1240, with the ones of agglomerated/non-agglomerated nanoparticles also presented as
the component for each destination genre; (c) dispersion of traced Y2O3 nanoparticles with the log-normal size distribution in
the LPBF-processed PM2000 polycrystal matrix (left) and regional magnification of dispersed nanoparticles in selected scopes
(Scope 1 and 2) in realistic scale (right). Magnified scopes are employed to distinguish the occurrence of agglomeration from
the enrichment, which is inaccessible in the trajectory illustration on the left. (d) SEM backscatter electron imaging with the
corresponding EDX maps of the elemental Y, O, Fe, and Cr content in four inclusions (I1-I4) for identifying nanoparticle
agglomeration. I3 is not agglomerated nanoparticles due to a lack of Y content, while I1 implies agglomerated nanoparticles
on the surface of another oxide inclusion. The magnified scope in (c) right is also compared to the SEM imaging in (d),
demonstrating relatively larger nanoparticle agglomeration (I4) spotted in experimental observation, while I2 shows almost
a consistent scale to the simulated results.
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In addition to the results provided in Figure 5b, the nanoparticle evolution during
processing is graphically displayed in Figure 5c. This methodology is not only useful to
predict the nanoparticle agglomeration but can be also extended to study the nanoparticle
capture, enrichment, and agglomeration. However, even the evaluation of the agglomera-
tion requires attentions on not only the trajectories overlapping but also the vast differences
in spatial scales between the microstructure and the nanoparticles. For instance, Figure 5c
presents the trajectories and positions of nanoparticles (log-normal type) dispersed in the
LPBF-processed PM2000 polycrystalline matrix, in which two scopes are taken and mag-
nified to visualize the nanoparticle scale. If only the trajectories are evaluated, one might
prematurely conclude that Scope 2 has profound agglomerations comparing to Scope 1.
However, after a magnified look, agglomerated nanoparticles only appear in Scope 1, while
Scope 2 only contains locally enriched isolated nanoparticles.

The issue of identifying the nanoparticle agglomeration/enrichment should be also
addressed in the experimental observation, yet the large spatial scale difference makes it
difficult to characterize both the steel microstructure and nanoparticle size and dispersion
in a single measurement. An example of an experimental SEM-EDX measurement from
an LPBF processed sample of PM2000 steel decorated with 0.08 wt % Y2O3 is presented in
Figure 5d. Four inclusions (labeled as I1-I4) that can be initially thought of as nanoparticle
agglomerations during processing can be observed [12]. However, to evaluate whether the
inclusions are pores or agglomerated nanoparticles, an elemental mapping with techniques
such as EDX is required. The EDX maps show that, while no Y or O content is found in
I3, these elements are present in I1, I2, and I4, and so it can be concluded that they are
nanoparticle agglomerated structures. Furthermore, there is solely a small fraction of Y
content found on the surrounding of I3 while O content is fully presented in the interior,
implying agglomerated Y2O3 nanoparticles on the surface of another oxide inclusion that
might be attributed to impurities. Another interesting point is that the diameter of some
nanoparticle agglomerations spotted in Scope 1 of Figure 5c are less than 1 μm, consisting
of merely countable nanoparticles, while the ones (esp. I4 in Figure 5d) experimentally
observed are larger, and even much larger if compared with the original size of the Y2O3
nanoparticles—even though there are some (e.g., I2 in Figure 5d) showing consistency in
scale. A possible reason is the relatively low mass fraction of the additivated nanoparti-
cles in the tracing simulation (0.005%) compared to the experimental one (0.08%), which
increases the probability of the nanoparticle interactions leading to agglomeration during
processing. In future steps, the nanoparticle concentration employed in the simulation will
be increased to match the experimental conditions.

5. Conclusions

In this work, we proposed a simulation scheme joining the heat-melt-microstructure–
coupled phase-field model and the nanoparticle kinematics to trace nanoparticle during the
LPBF process of the ODS steels, which is experimentally inaccessible. Simulations on stable
LPBF single scan of a ferritic PM2000 nanoparticle-additivated powder bed were conducted
for factors such as the nanoparticle composition and size distribution. The following
conclusions can be drawn from this combined numerical and experimental study:

1. Simulation results provide the chronological location and located phases of the traced
nanoparticle. This helps to depict nanoparticle drift associated with the evolution of
local melt flow as well as the morphology, such as migrating nanoparticles driven by
melt-flow or carried by floating/deforming bubbles, or stationary ones in the melt
pool bottom area. Events such as nanoparticle capture (by grain/pore/grain bound-
ary), enrichment, and potential agglomeration can be also visualized via trajectories
and position indicator.

2. The drift and interactions of nanoparticles with different sizes and compositions
(Y2O3 and YIG) are analyzed. By comparing the trajectories and positions of selected
nanoparticles (or nanoparticle pairs) among cases, some preliminary discussions can
be conducted regarding the influences of the nanoparticle size and compositions.
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An enhanced nanoparticle floating is observed when the size is increased for nanopar-
ticles of identical composition or when using Y2O3 for nanoparticles of identical size.
In addition, an enhanced nanoparticle interaction is observed when increasing the size
of nanoparticles of identical composition or using YIG for nanoparticles of identical
size. Note that the above conclusions are made under the condition that nanoparticles
are sparsely decorated (i.e., nanoparticles are sufficiently spaced). In this scenario,
the melt-flow-driven effect is expected to dominate the process.

3. LPBF simulations of a PM2000 powder bed are conducted, in which nine parent
particles are additivated with 0.005% Y2O3 nanoparticles. Three size distributions
are evaluated i.e., monomodal, normal, and log-normal distributions. The results
show that ∼ 55% of the nanoparticles are eventually captured by a grain, while
merely ∼ 2% ones end up in the grain boundaries. Although the differences of
nanoparticle location for the different size distributions are small, the monomodal
case presents a relatively higher agglomeration ratio in grain-captured nanoparticles
(nano-inclusions), while the log-normal type shows a higher agglomeration ratio in
GB-captured nanoparticles.

4. By visualizing the traced nanoparticles on a nanometric scale, nanoparticle agglomer-
ation and enrichment spotted in the simulation are distinguished. Comparisons be-
tween the simulations and experimental results show promising similarities, proving
the potential of the simulation methodology to optimize the LPBF process parameters
in order to reduce agglomeration effects and maximize the material reinforcement
achieved in ODS steels.

The proposed scheme and models should be further extended in the near future for
different aspects, e.g., implementation of nanoparticle tracing code in a computationally-
efficient way to enable decoration with a larger mass fraction of the nanoparticles. Further
effects such as the driving forces from migrating interfaces, and interactions between
nanoparticles and the surface of the parent particles (as ideally the semi-infinity large
interfaces) should also be considered.
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Abbreviations

The following abbreviations are used in this manuscript:

BC Boundary condition
DED Direct energy deposition
EDX Energy dispersive X-ray spectroscopy
GB Grain boundary
HMM Heat-melt-microstructure
IC Initial condition
LAM Laser-based additive manufacturing
LPBF Laser powder bed fusion
NSAC Navier-Stokes-Allen-Cahn
NSCH Navier-Stokes-Cahn-Hilliard
ODS Oxide dispersion strengthened
OP Order parameter
PJFNK Preconditioned Jacobian-Free Newton-Krylov
SEM Scanning electron microscope
VDW Van der Waals
YIG Yttrium iron garnet

Symbols

The following symbols are used in this manuscript:
ρ Conserved order parameter indicating the substance and

pores/atmosphere
φS, φL, φ Non-conserved order parameters indicating the solid (φS)

and liquid (φL) phase. Due to the substance constraint
φL = ρ − φS, only one φ is sufficient to represent the solid
substance and (ρ − φ) to represent
liquid substance

{ηα} Non-conserved order parameters indicating grain
orientations

u Velocity field of melt flow
p Hydrodynamic pressure
T Temperature field
TM, TE, TP Melting temperature, environmental temperature, and

pre-heating temperature, respectively
floc, fgrad, fht Local, gradient and thermal terms of Helmholtz free energy

density
A, B, G Model parameters with no dimension
Cpt, Dpt, Hpt Model parameters with dimension of free energy density
Ccf, Dcf, Hcf Model parameters with dimension of entropy density
κρ, κφ, κη Gradient constants of corresponding order parameters
Φss, Φat, Φsf, Φgb, ΦS, ΦL Interpolation functions with subscript ‘ss’ standing for the

substance, ‘at’ for the atmosphere/pore, ‘sf’ for the surface,
‘gb’ for the grain boundary, ‘S’ for the solid and ‘L’ for the
liquid/melt

Pl, vl, vl Laser power, scan velocity and speed, respectively. vl = |vl|
Rl Nominal laser radius
qv Internal heat source for modeling the laser-induced thermal

effect
β Attenuation coefficient of the powder bed
ζ Characteristic penetration depth of the powder bed
h Heat convective coefficient
kS, kL, kat Heat conductivity coefficients with subscripts indicating the

corresponding phases
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νS, νL, νat Dynamic viscosity coefficients with subscripts indicating
the corresponding phases


S, 
L, 
at Densities with subscripts indicating the corresponding
phases

cp
S, cp

L, cp
at Specific enthalphies with subscripts indicating the

corresponding phases
cr Relative volumetric specific heat
L Latent heat during melting/solidification
Geff

gb Grain boundary mobility
Dss, Dat, Dsf, Dgb Self-diffusivity coefficients with subscripts indicating the

corresponding phases
M Isotropic Cahn–Hilliard mobility
Lφ, Lη Isotropic Allen–Cahn mobilities
b Magnitude of the resultant body forces acting on the melt

flow
Re, Ste, PeT , Peρ, Acφ, Acη Reynold number, Froude number, Stefan number, Péclet

numbers for thermal and mass transfer, Allen–Cahn
numbers for melting-solidification and grain growth,
respectively

Vi, 
i, vi Volume, density and translation velocity of the i-th
dispersed rigid nanoparticle in the melt respectively

fM, fA, fE Driving force densities due to the melt flow, the VDW and
the electrostatic interaction, respectively

σ Cauchy stress tensor of the melt
dC, dS Inter-particle center distance and surface distance,

respectively
UA, UE Inter-particle potential of VDW and the electrostatic

interactions, respectively
Ap:v, Am:v, Ap:m Hamaker coefficients with subscript ‘p:v’ standing for

nanoparticle in the vacuum, ‘m:v’ for medium/melt in the
vacuum, and ‘p:m’ for nanoparticle in the medium/melt

Z Screened-Coulombic interaction coefficient
ψi Nanoparticle surface potential
εp, εm, ε0 Permittivities of the nanoparticle, medium and vacuum,

respectively
Np Total amount of the nanoparticle,
np, nm Refractive indices of the nanoparticle and the medium,

respectively
λP Plasma Debye length
ne, ωe Free electron density and electronic absorption frequency

of the melt
zl , cl , ml Valence electron number, atom fraction and the atom mass

of the l-th element in the alloy, respectively
kB, h̄, e0, NA Boltzmann constant, reduced Planck constant, elementary

charge, and Avogadro constant, respectively
V(XI , RI) Powder bed as a set, containing the center coordinates (XI)

and the radius (RI) of I-th powder
∇, ∇d Gradient operators. Subscript ‘d’ represents the gradient

along the inter-particle direction
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Abstract: Research and development in the field of metal-based additive manufacturing are advanc-
ing steadily every year. In order to increase the efficiency of powder bed fusion of metals using a
laser beam system (PBF LB/M), machine manufacturers have implemented extensive optimizations
with regard to the laser systems and build volumes. However, the optimization of metallic powder
materials using nanoparticle additives enables an additional improvement of the laser–material
interaction. In this work, tool steel 1.2709 powder was coated with silicon carbide (SiC), few-layer
graphene (FLG), and iron oxide black (IOB) on a nanometer scale. Subsequently, the feedstock
material and the modified powder materials were analyzed concerning the reflectance of the laser
radiation and processed by PBF-LB/M in a systematic and consistent procedure to evaluate the
impact of the nano-additivation on the process efficiency and mechanical properties. As a result,
an increased build rate is achieved, exhibiting a relative density of 99.9% for FLG/1.2709 due to a
decreased reflectance of this modified powder material. Furthermore, FLG/1.2709 provides hardness
values after precipitation hardening with only aging comparable to the original 1.2709 material and
is higher than the SiC- and IOB-coated material. Additionally, the IOB coating tends to promote
oxide-formation and lack-of-fusion defects.

Keywords: additive manufacturing; PBF-LB/M; tool steel (1.2709); nanocomposite; microstructure;
mechanical properties

1. Introduction

Direct additive manufacturing of metallic components is ensured, among other things,
by powder bed fusion of metals using a laser beam system (PBF-LB/M) [1]. In this process,
a thin powder layer is applied across a build platform, and the calculated cross-sectional
areas (slices) of the desired components are melted by the laser beam and permanently
bonded to the underlying layer. These process steps are repeated until the components
are complete [2]. The process efficiency of the PBF-LB/M process can be achieved, on the
one hand, by adapting the additive manufacturing system itself and, on the other hand, by
modifying the powder material to be processed. The former results in the use of PBF-LB/M
systems equipped with larger build volumes, multiple laser beams, or high-power laser
systems, also leading to a significant increase in equipment prices. The modification of
commercially available powder feedstocks by nanoparticle additivation has been addressed
multiple times in the scientific literature, as depicted in the following sections. This enables
more efficient process control and can promote the processing of dense and defect-free
components with improved mechanical properties.

Materials 2021, 14, 3465. https://doi.org/10.3390/ma14133465 https://www.mdpi.com/journal/materials29



Materials 2021, 14, 3465

1.1. PBF-LB/M Process of Composite Powder

In a review, Kusoglu et al. [3] used aluminum powder as an exemplary case to illustrate
how nanoparticle modification has been the focus of research in recent years in order to
specifically adapt materials to the PBF-LB/M process. The research group of Gu et al. [4–6]
focused extensively on the additivation of Ti and AlSi10Mg powder with TiC nanoparticles.
Initially, a relative density of TiC/Ti (12.5 wt.% TiC) of above 98.3% was achieved in PBF-
LB/M. Furthermore, an increased microhardness of 577 HV0.2 and decreased coefficient
of friction (COF) of 0.19 were observed. As a comparison, the microhardness of PBF-
LB/M-processed pure Ti showed a maximum hardness of 287 HV0.2. A more increased TiC
content did not lead to any further improvement in hardness and wear resistance due to the
decreasing relative density. In addition, a change of the microstructure from a coarsened
dendritic to a uniformly dispersed nanoscale lamellar microstructure was observed.

Nano-additivation by TiC-particles was also regarded in the research activities of Al
Mangour et al. [7,8]. They investigated the influence of different TiC particle sizes in a
stainless steel 1.4404 matrix. As a result, the addition of fine TiC particles improved the
wettability and promoted the densification behavior of 1.4404 steel processed by PBF-LB/M.
Furthermore, the combined effects of grain-refinement and grain-boundary strengthening
enable an increased microhardness, coefficient of friction, and decreased wear to a simul-
taneously increased volume content of TiC [7]. In subsequent research activities from Al
Mangour et al. [8], the thermal behavior during laser–material interaction, microstructural
characteristics, and tribological performance of TiC/1.4404 was investigated in an experi-
mental and simulative approach. Thereby, they reported that the Marangoni convection
correlates with the applied volume energy density. An increased volume energy density
also promotes a ring-like formation of TiC nanoparticles in the melt pool and prevents
its aggregation [8]. TiB2/1.4404 was also processed with varying nanoparticle content by
Al Mangour et al. [9]. An increased hardness, yield strength, and decreased coefficient of
friction and wear rates with an increased TiB2 volume content could be observed. Further-
reinforced 1.4404 powder processed by PBF-LB/M was investigated by Zhao et al. [10].
By decorating the surface of the stainless-steel powder 1.4404 with TiC (0 wt.%, 2 wt.%,
4 wt.%) nanoparticles a refinement of cell size was noticeable. Consequently, an increase in
hardness by 12.4% could be observed by adding 2 wt.% TiC. The addition of a mass fraction
of 4 wt.% results in excessive particles that impair the densification of the PBF-LB/M man-
ufactured components. Doñate et al. [11] homogeneously modified the surface of an Fe-Cr
alloy with Y2O3 nanoparticles using pulsed laser fragmentation in water. The powder was
consolidated by PBF-LB/M and DED-LB/M (directed energy deposition of metals using a
laser beam) and was characterized by an increased microhardness. Chang et al. [12] studied
the influence of different particle sizes in a SiC/AlSi10Mg composite powder on a formed
microstructure and the associated mechanical properties of PBF-LB/M parts. By using the
smallest SiC particle size, dense and defect-free microstructures with a high microhardness
of 218.5 HV0.1 were achieved, which corresponds to an increase of 50% compared to the
AlSi10Mg powder feedstock. In addition, Sehrt et al. [13] processed Al2O3 nanoparticles
on feedstock material tool steel (1.2709) and Hastelloy X (2.4665) and investigated the melt
pool dynamics and microstructural properties. Both nanocomposites show a significant
improvement of mechanical properties. The nanoparticle-modified Hastelloy X exhibited
a microhardness of up to 494.3 HV0.2, which is 80.8% higher than the original feedstock
material (273.3 HV0.2). Similar results were obtained with the modified tool steel. Accord-
ingly, an increase in microhardness from 371.8 HV0.2 to 529.3 HV0.2 could be observed.
However, the melt pool dynamics of the modified powder materials during the PBF-LB/M
process were disturbed, which could be depicted by small dark crater like structures on
the specimen’s surfaces and varying widths of the melt pools. Hence, the energy input
was not sufficient to create a homogeneous interconnection between adjacent weld lines.
A similar approach was performed by Sehrt et al. [14] by modifying tool steel with WC
and TiO2 nanoparticles. Furthermore, in order to explicitly adjust copper materials for the
PBF-LB/M process, carbon nanoparticles were applied on the copper particles’ surfaces in
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an extensive work by Jadhav et al. [15–17]. By applying 0.1 wt.% of carbon nanoparticles
on the surface of pure copper particles, a relative density of 98% could be achieved while
using more efficient process parameters due to an increased absorption. In addition, the
flowability was improved compared to the virgin powder [15]. Comparable results could
be achieved using 0.05 wt.% on pre-alloyed CuCr0.3 powder concerning the coupling of
laser radiation. In addition, mechanical properties, such as tensile strength and YS, could
be increased by 56 MPa and 79 MPa, respectively.

1.2. Laser Absorption of Metal Powders

The PBF-LB/M process is characterized by various influencing variables on the equip-
ment side, on the material side, and with regard to the external environment, which
impedes the exclusion of specific factors [18,19]. The absorption behavior of laser radiation
from metallic powder materials in the PBF-LB/M process represents a decisive factor
for the formation of a dense microstructure of the components. On the one hand, the
absorption behavior depends on the exposure parameters and consequently, the duration
of laser–material interaction as investigated by Fu et al. [20] presented with finite element
analysis. On the other hand, the material itself represents a significant influencing factor.
Usually, a laser with a wavelength of 1064 nm is used for PBF-LB/M, which is well suited
for processing steels, aluminum alloys, nickel alloys, etc. Recently, a green laser featuring a
wavelength of 515 nm was shown to be more efficient for processing pure copper powder,
which can be traced back to an increased absorption of the laser irradiation of up to ten
times in contrast to 1064 nm lasers [21,22]. In addition to the material used, laser absorption
is determined by particle size distribution (PSD), morphology, surface roughness, and
optical appearance (color). The correlation between PSD and absorption behavior has been
studied in a simulative approach using the physical ray-tracing method by Yang et al. [23]
and Boley et al. [24]. Both studies show that higher median particle sizes lead to a decrease
in absorption, which is caused by multiple reflections of laser radiation within the bulk
powder. These results were confirmed by Gu et al. [25], who investigated the absorption of
AlSi10Mg powder which has been modified with SiC and TiB2. An increasing absorption
was observed with the addition of smaller particles. In a previous publication of this
research group, the influence of coated stainless steel powders using SiC nanoparticles and
few-layer graphene was investigated [26]. Consequently, increasing surface roughness and
a macroscopically darker appearance of the metal powder could be observed. Increased
beam traps formed which led to increased absorption. This result is in accordance with the
work of Zhou et al. [27], who investigated the influence of Al2O3-coated metallic powder
in terms of absorption. Furthermore, Gruber et al. [28] analyzed the absorption behavior
of an Inconel 718 powder in four different conditions: virgin, used, overflow, and spatter.
The latter was located at the inert gas outlet after the PBF-LB/M process and contained
both process by-products and used powder. It was characterized by a significantly higher
absorption value compared the virgin and used powder, which can also be attributed
to a darker discoloration and modified surface quality of the powder particles due to
oxide spots.

1.3. Determination of Process Parameters for PBF-LB/M

Standardized and systematic PBF-LB/M processes must be established and imple-
mented to ensure reproducible and transferable parameter qualification for powder ma-
terials. Some researchers initiated parameter analyses by investigating the geometrical
properties of single tracks (exposure of single scan vectors) with different energy intensi-
ties [29–33]. In addition to geometric properties, optical anomalies were also evaluated.
Thus, a low energy density leads to irregular melting, poor wettability, and results in a
partially spherical appearance of the melt. In this context, the term balling phenomenon is
often used. In contrast, melt pools exhibiting an increased width are formed at increased
energy inputs. According to Di et al. [29], a thin and homogeneous melt pool is preferred

31



Materials 2021, 14, 3465

for a stable PBF-LB/M process. Consequently, qualitative aspects of single tracks are set up
as a function of increasing energy densities:

• Irregular and pre-balling shape
• Regular but occasionally broken shape
• Regular and thin shape
• Regular and thick shape

In this work, tool steel 1.2709 powder was coated with silicon carbide (SiC), few-layer
graphene (FLG), and iron oxide black (IOB). Subsequently, the powder feedstock and
the modified powder materials were analyzed concerning their reflectance behavior and
processed in a systematic and consistent procedure using PBF-LB/M to evaluate a change
in process efficiency. Consideration of the relative density, hardness, and microstructure of
the generated samples completes this study. In this contribution, the following scientific
questions are addressed:

1. Does a change of surface properties of the metallic powder particles due to surface
modification by nanoparticles lead to an increase in absorption? What is the reason
for a change in absorption behavior?

2. An increased absorption rate indicates that more photons per time are introduced into
the powder material. Does this simultaneously enable more efficient process control
for the manufacturing of dense components/microstructures or do other influencing
material properties have to be taken into account?

3. A systematic for qualifying exposure parameters was developed to ensure reproducibil-
ity and transferability. Can this system be used to manufacture dense components?

4. Both, the as-built and heat-treated specimens are analyzed regarding the microstructure
and the hardness. What are the effects of the nanoparticles on the final part quality?

2. Materials and Methods

2.1. Feedstock Material

As feedstock material, inert gas atomized 1.2709 (X3NiCoMoTi18-9-5) tool steel pow-
der was used. In addition, nanoparticle-coated 1.2709 powder was used. The applied
nanoparticles were silicon carbide (SiC), few-layer graphene (FLG), and iron oxide black
(IOB). The chemical composition of the tool steel 1.2709 is listed in Table 1.

Table 1. Chemical composition of the nominal tool steel 1.2709 in mass% and the tool steel used in this work.

Tool Steel C Ni Co Mo Ti Cr Si Mn P S O Fe

Nominal ≤0.03 17.00–19.00 8.50–10.00 4.50–5.20 0.80–1.20 ≤0.25 ≤0.10 ≤0.15 ≤0.01 ≤0.01 - bal.
Used powder 0.01 17.36 9.31 5.59 1.18 0.14 0.05 0.01 0.00 0.00 0.02 bal.

2.2. Additive Formulation and Coating Process of the Feedstock Material

The nano-particle SiC (E-SINSIC), FLG (C-NERGY KS6L), and IOB (Manganese ferrite
black spinel, 48,447) were purchased from ESK-SIC GmbH (Frechen, Germany), Imerys
Graphite & Carbon Switzerland Ltd., and Kremer Pigmente GmbH & Co. KG (Aichstetten,
Germany), respectively. Each particle system was comminuted via stirred media milling to
a particle size of around 100 nm for SiC and IOB. The graphite was delaminated under mild
conditions in a stirred media mill to prevent lateral fractures and the chipping of edges.
The resulting few-layer graphene (FLG) exhibited a lateral dimension ×50,3 of 568.3 nm.
Consequently, the commercially available AM-feedstock powder tool steel 1.2709 (supplied
by ThyssenKrupp Materials GmbH, Essen, Germany) was coated using a fluidized bed
system (MiniGlatt, Glatt GmbH, Binzen, Germany) with the three produced suspensions.
The IOB and SiC coating amounts were calculated in order to provide a single layer of
nanoparticles covering the feedstock steel particles, resulting in a volume percentage of
1 vol.% of the added nanoparticles. For the FLG platelets, 0.75 vol.% was used for the
coating to prevent an excess of FLG, which could lead to agglomeration and stacking of
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the platelets on the steel particle surfaces. Detailed information on the additive production
and fluidized bed coating can be found in previous work [34].

2.3. Laser Reflectance Measurement of the Feedstocks

Diffuse reflectance infrared Fourier transform spectroscopy (DRIFTS) was performed
with a Nicolet iS20 FTIR spectrometer from Thermo Fisher Scientific (Waltham, MA,
USA), including the accessory DiffusIR from Pike Technologies (Madison, WI, USA) to
quantify the reflectance of the different powder materials. The exact device specifications
and measurement settings are presented in Table 2. A cup (diameter: 5 mm; depth:
3 mm) was prepared with the powder material to be measured. To imitate the powder
distribution during the PBF-LB/M-process, the excess powder in the cup was removed
by a coating device. Three spectra from each of the four samples were recorded to check
the reproducibility of the measurements. A wavenumber of 9398 cm−1 (reciprocal value
of the wavelength) corresponded to a wavelength of λ = 1064 nm (Nd:YAG laser in a
PBF-LB/M-system).

Table 2. Settings for DRIFTS analysis.

Background Measurement Aluminum Mirror

MCT/A detector range 4000 to 11,000 cm−1

Scans per measurement 64
Spectral resolution 4 cm−1

Environment Room temperature
Further characteristics XT-KBr beam splitter white light source

2.4. Processing
2.4.1. PBF-LB/M-System

The PBF-LB/M-system TruPrint 1000 of Trumpf GmbH & Co. KG (Ditzingen, Ger-
many) was used to manufacture the specimens. Required properties regarding the laser
system, coating mechanism, and inner atmosphere are shown in Table 3. Furthermore,
a procedure was developed to ensure the reproducible and transferable qualifications of
efficient PBF-LB/M parameters (Figure 1). The individual process steps are explained in
more detail in the following sections.

Table 3. PBF-LB/M nominal process parameters and environmental properties applied to 1.2709,
SiC/1.2709, FLG/1.2709, and IOB/1.2709.

Laser power, PL 100–140 W
Hatch distance, hd Individual
Layer thickness, DS 20 μm

Scan speed, vS 600–1400 mm/s
Volume energy density, EV Individual

Scan strategy 90◦ alternating
Focal diameter 30 μm

Wavelength 1064 nm
Inert gas atmosphere N2

Gas flow rate 3 m/s
Recoating speed 80 mm/s

Coater type Rubber x-profile
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Figure 1. Process flow for determining PBF-LB/M-parameters.

2.4.2. Single Tracks

Individualized single tracks with a longitude of 5 mm were manufactured with a
layer thickness of 0.02 mm. This procedure was repeated for 25 applied layers to avoid
differences in heat transfer due to a non-heated build platform and differing diffusion
processes due to a type C45 steel build platform material. In addition, the actual layer
thickness was determined by the ratio of defined layer thickness and bulk density of the
powder material and was achieved after 10 to 15 layers. In assessing the single tracks,
the melt pool width and the homogeneity of the individual specimens were evaluated.
Essential criteria for the evaluation of the specimens were conclusions about the consistency
of the melt pool by evaluating and observation of the single uniform tracks. To quantify the
melt pool width, it was measured at five equidistant positions along the complete length of
a single track.

2.4.3. Cuboid Specimens

The three-dimensional specimens exhibited a size of 5 × 5 × 5 mm3 and were directly
connected to the build platform without support structures. As illustrated in Figure 2a,
a 90◦-alternating scan strategy under a nitrogen gas atmosphere was applied. The layer
thickness was kept constant at 0.02 mm, as depicted in Table 3. The scanning speed, laser
power, and hatch distance varied and depended on the previous evaluation of the single
tracks. According to literature research, an overlap of 20–30% of two adjacent welding
lines is frequently used for the PBF-LB/M process [29,31].

Figure 2. (a) A 3D model of the cuboid specimen with an illustration of the applied scan strategy.
(b) Specimen arrangement on the build platform (top view).

2.4.4. Heat-Treatment

To achieve the desired application properties, maraging steels are typically solution-
annealed and aged. To evaluate the influence of the nanoparticle additivation of the
feedstock material, the formed microstructure and the associated mechanical properties of
the additively manufactured specimens, different heat-treatments were carried out. On the
one hand, a conventional heat treatment according to the manufacturer’s specification was
performed. The conventional heat-treatment included solution annealing at a temperature
of 850 ◦C for 1 h and subsequent cooling in water. Afterwards, the specimens were
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annealed (aged) for 6 h at 490 ◦C, thus forming precipitates. On the other hand, samples
were annealed (aged) at 490 ◦C for 6 h without previous solution annealing.

2.5. Metallography and Microscopy

The PBF-LB/M manufactured specimens were ground parallel to the build-up di-
rection with SiC grinding paper, from 320 to 1000 mesh. Subsequently, the ground cross-
sections were polished using diamond suspensions with grain sizes from 3 to 1 μm. Finally,
samples for microscopic investigations of the microstructures were etched with a V2A
etching solution, a water-based mixture of HCl, HN03 and Vogel’s special reagent.

A Keyence VHX 6000 light optical digital microscope from Keyence Corporation
(Osaka, Japan) was used to record the cross-section of the cuboid specimens. The relative
density was then quantified by phase comparison using the software ImageJ (v. 1.53j, 2021,
Wayne Rasband, Kensington, MD, USA), by subtracting the accumulated pore fraction.

Microstructural investigations were performed using a type MIRA 3 field-emission
scanning electron microscope from TESCAN (Brno-Kohoutovice, Czech Republic). Thereby,
an acceleration voltage of UA = 15 kV, and a working distance of WD = 15 mm was used.
All micrographs were taken in secondary electron (SE) contrast.

2.6. Hardness Testing

Vickers hardness testing was performed according to DIN EN ISO 6507-1. A type
KB30s of KB Prüftechnik GmbH (Hochdorf-Assenheim, Germany) was used. The normal
force was set to FN = 9.807 N (HV1). The hardness values were calculated by the mean of
five indents on the samples’ cross-sections, respectively.

3. Results and Discussion

3.1. Powder Feedstock Properties

The particle size distribution (PSD) of the feedstock powder exhibited a monomodal
distribution with a x50,3 of 31.8 μm, a small span of 0.94 (the span was defined as
(×90,3–×10,3)/×50,3) and a nearly spherical particle shape (cf. Figure 3). However,
a few satellites and potato-shaped particles are visible. In Table 4 and Figure 4, the particle
size distributions of the coated powders are depicted, showing particle sizes in the same
range as the feedstock material. As a result, the coating process did not affect the particle
size distribution, proving that no granulation of the steel particles occurred.

 

Figure 3. Feedstock powder 1.2709. Particle size distribution (left) SEM-picture at 500× magnification (right).
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Table 4. Particle size distributions of feedstock powder 1.2709 and coated powders.

Powder Material
Particle Size (μm) Span

x10,3 x50,3 x90,3
x90,3−x10,3

x50,3
(-)

1.2709 19.9 31.8 49.7 0.94
1 vol.% SiC/1.2709 20.9 32.6 50.0 0.89
1 vol.% IOB/1.2709 20.2 32.0 49.7 0.92

0.75 vol.% FLG/1.2709 20.1 31.8 49.5 0.92

Figure 4. Particle size distribution of feedstock powder 1.2709 and nanoparticle coatings.

In Figure 5, SEM pictures of uncoated and coated particles at higher magnifications are
compared. All coatings did not significantly change the particle shape. The SEM pictures
also provide information about the homogeneity of the coating. In the case of SiC coating,
well-distributed particles can be seen on the steel particle surfaces. For IOB, a homogenous
layer enclosing the steel particle is apparent. The FLG coating exhibits a partially covered
area, on which the thin FLG flakes form a closed carpet on the surface (dark appearing area
on Figure 5). However, there are also visible spots without a coating by nanoparticles.

Laser Reflectance of the Feedstocks

Figure 6 shows the results of the reflectance analysis. A total of three measurement
runs were performed for each of the four materials. The feedstock material 1.2709 with an
average value of 10.2% exhibited the highest reflectance. The subsequent materials were
represented by SiC/1.2709 with 9.2% and FLG/1.2709 with 7.9%. The material showing the
lowest value of 7.2% was represented by IOB/1.2709. To ensure comparability between the
measurements, a polished aluminum sample was used for the background measurement.
Accordingly, a reduction in reflectance of up to 30% could be achieved. The degree of
absorption of a powder material significantly depends on the PSD, morphology, surface
roughness, and optical appearance (e.g., color) [26,28,35]. Due to the consistent results of
the PSD, the cause is not attributable to a change in particle size. Thus, the nanoparticle
coatings cause an increase in surface roughness of individual metallic powder particles.
According to Karg et al. [36] and Lüddecke et al. [34] the applied nanoparticles act as
spacers between the powder particles and thus, result in an increased surface roughness.
This could allow easier coupling of the laser beam and enabled multiple reflectances with
the powder bulk due to an increased amount of beam traps [37]. Initial measurements of
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the surface roughness of individual powder particles by atomic force microscopy (AFM)
indicated a quantitative correlation between surface roughness and reflectance behavior,
as illustrates in a publication by Lüddecke et al. [34]. In future work, this measurement
will be performed on a representative number of particles (several hundred) to be able to
provide a valid statement. Since the manual measurement of a section of powder particle
surface requires a lot of time, a more automated solution must first be implemented.

Figure 5. SEM pictures at 10,000× magnification: (a) feedstock 1.2709, (b) 1 vol.% SiC, (c) 1 vol.%
IOB and (d) 0.75 vol.% FLG.

Figure 6. Reflectance measurements of the coated and uncoated tool steel 1.2709 powder at a
wavenumber of 9398 cm−1.
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3.2. PBF-LB/M Single Track Scans

When examining the microscopic images of the individual single tracks, differences in
shape, homogeneity and color can be observed. Overall, the single tracks can be classified
into three categories.

• Low energy density (<3.75 J/mm2)
• Medium energy density (3.75–15 J/mm2)
• High energy density (>15 J/mm2)

In Figure 7, the top view of the single tracks for three corresponding energy density
levels for the 1.2709 feedstock and its nanoparticle coatings are illustrated. At an energy
density of 1.5 J/mm2, an insufficient energy input is applied to the metal powder to melt it
completely. Instead, highly interrupted and irregularly shaped melt pools were observed.
This behavior occurred in all material combinations discussed in this work. As a result
of the poor wettability and lack of continuity of the melt pool, there was insufficient con-
nection to the underlying layer or build platform. The side view (cf. Figure 8) shows
a straight single track, and increased porosity between the layers can be observed. In
Figure 9, the dimension of the melt pool width for varying energy densities is presented.
In the area of an energy density <3.75 J/mm2, an average melt pool width of 30–60 μm
is measured, which corresponds to a single to double size of the focal diameter of the
utilized laser. The second energy density level (5 J/mm2) illustrated in Figures 7 and 8
shows a homogeneous and continuous melt pool for the 1.2709 feedstock, SiC/1.2709 and
FLG/1.2709. However, IOB/1.2709 shows irregularities in the melt pool width. In the side
view, SiC/1.2709 shows minor waviness of the top layer. Overall, all samples of this energy
density level are characterized by a dense and stable single track with a solid connection
between the individual layers and the build platform. The melt pool widths for all mate-
rial combinations in the medium range (3.75–15 J/mm2) are about 70–150 μm and thus
2.5–5 times the focal diameter of the laser. In the top view, the single tracks of the highest
energy level (40 J/mm2) characterized by a homogeneous but significantly increased melt
pool width (cf. Figure 7). However, all single tracks showed more pronounced annealing
colors due to the high energy input and its reaction with the remaining oxygen content
during the PBF-LB/M process. This was particularly evident in IOB/1.2709 due to the
applied oxygen-rich nanoparticle coating. Consequently, an increased oxygen content of
0.17 mass% was detectable, as depicted in Table 5.

Table 5. Chemical composition of the uncoated and coated tool steel 1.2709 feedstock measured by
optical emission spectroscopy and carrier hot gas extraction (for C and O) in mass%.

C Ni Co Mo Ti Cr Si Mn O Fe

1.2709 0.01 17.36 9.31 4.59 1.18 0.14 0.05 0.01 0.02 67.32
SiC/1.2709 0.11 17.28 9.27 4.57 1.17 0.14 0.40 0.01 0.02 67.02
FLG/1.2709 0.15 17.34 9.30 4.58 1.18 0.14 0.05 0.01 0.02 67.23
IOB/1.2709 0.01 17.28 9.26 4.56 1.17 0.14 0.05 0.01 0.17 67.34
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Figure 7. Top view of the single track of 1.2709, SiC/1.2709, FLG/1.2709, and IOB/1.2709.

Figure 8. Side view of the single track of 1.2709, SiC/1.2709, FLG/1.2709, and IOB/1.2709.
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Figure 9. Melt pool width with respect to laser power and scan speed of (a) 1.2709 feedstock material, (b) FLG/1.2709
(0.75 vol.%), (c) IOB/1.2709 (1 vol.%), (d) SiC/1.2709 (1 vol.%). Parameter window for cuboid specimens highlighted by
black square.

3.3. Properties of the PBF-LB/M Densified Tool Steel
3.3.1. PBF-LB/M Densification of the Used Tool Steel Powders

In Figure 10, the outcomes of the relative density evaluation are illustrated. All mate-
rial combinations achieved a relative density of over 99.9%. The strongly reduced process
window of IOB/1.2709 is conspicuous. As already shown in a previous publication [34],
the coating of IOB nanoparticles exhibits pronounced hydrophilic properties. This leads
to clumping of the powder particles, which significantly impairs the flowability resulting
in voids during powder application. The 1.2709 feedstock, FLG/1.2709, and SiC/1.2709
exhibit a more comprehensive process window with relative densities above 99.9%. Fur-
thermore, it is noticeable that a suitable parameter set for SiC/1.2709 appeared at lower
scan speeds and with a tendency to higher laser power levels. The FLG coated 1.2709 is
characterized by a broader, and more efficient, parameter window than the illustrated
1.2709 feedstock material. The generation of dense component structures is ensured by
scan speeds of up to 1400 mm/s and a laser power of 120 W with a melt pool overlap
of 20%. The build rate of the evaluated specimens is illustrated in Figure 11. This was
calculated as the product of layer thickness, scan speed and hatch distance. First, a relative
density of over 99.9% was guaranteed over a wide range of build rates. Secondly, as was
already to be expected from Figure 10, an increased standard deviation of relative density
of the IOB/1.2709 specimens was noticeable. A more detailed examination of the build
rates over 1.5 mm3/s showed that FLG/1.2709 allowed production with a relative density
above 99.9%. With a build rate of 1.86 mm3/s, this exceeded the 1.2709 feedstock material
by approximately 18%. The SiC nanoparticle coating also achieved an increased build
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rate but was not represented by a reliable consistency. In Figure 12, micrographs of the
cross-sectional areas of selected specimens are illustrated. Process parameters exhibiting
an increased scan speed led to a more frequent lack of fusion (blue arrows). Lack of fusion
defects represented insufficient melting of adjacent welding lines, which appeared after so-
lidification in the form of primarily non-fused areas. In some cases, these may also contain
unmelted powder particles [38,39]. Lack of fusion often extends within the x-y-plane or the
z-direction through several layers. In the case of IOB/1.2709, this defect pattern was partic-
ularly evident. The already mentioned inhomogeneous powder distribution during the
PBF-LB/M process intensified this effect. In addition, pores are noticeable in Figure 12 (red
arrows). Pores usually occur in a spherical form and can be either randomly distributed in
the part or appear systematically in the form of a pore seam. In this case, isolated pores
were predominantly observed at a decreased velocity (1.2709 feedstock, IOB/1.2709). The
low number of defects and the extended process window with FLG/1.2709 was attributable
to the improved reflectance behavior and the possible increased heat conduction by the
nanoparticle coating, which was already examined in more detail with an FLG/1.4404
material combination in a previous publication [26].

3.3.2. Microstructure of the PBF-LB/M Processed Tool Steel

To investigate the impact of the nanoparticle coating of the feedstock powder on
the densification during PBF-LB/M in more detail, micrographs were taken using a SEM.
Figure 13 shows the microstructures of the PBF-LB/M processed specimens. Between
the microstructures of the 1.2709 sample and the specimens additivated by nanoparticles,
no significant differences could be detected. On the mesoscale (lower magnification) fu-
sion lines of the individual melt tracks and volumetric defects like pores (as discussed in
Section 3.3.1) could be observed for all four samples. At higher magnifications, a cellular
microstructure became visible (cf. Figure 13e–h). This cellular microstructure is typical for
PBF-LB/M-processed steel and was also reported by Kempen et al. [40], who also inves-
tigated additively manufactured tool steel 1.2709. Adjacent cells formed colonies, which
share the same crystallographic orientation [41]. The colonies were separated by large-
angle grain boundaries and formed grains that could be observed at lower magnifications
(Figure 13a–d).

The formation of the cellular sub-microstructure was associated with the rapid solidi-
fication rate, present in the PBF-LB/M process. The cells solidified first, followed by the
surrounding seam areas (Figure 13e–h). The seams consisted of small-angle boundaries,
possessed a high dislocation density and were formed as a result of the high degree of
constitutional supercooling occurring during solidification [42]. After PBF-LB/M process-
ing of steel 1.2709, Kučerová et al. observed increased contents of the elements Ni, Mo,
and Ti in the seam areas [43] and Strakosova et al. showed that the cell seams are also
enriched with the element C [44]. The microsegregations of the elements C, Ni, Mo, and
Ti reduce the martensite start temperature locally [45]. Thus, fcc phase austenite can be
stabilized at room temperature in the seam areas of the PBF-LB/M processed maraging
tool steel 1.2709, which otherwise consists of bcc martensite [43]. Retained austenite is
not common in conventional produced maraging steel, but was also observed in segre-
gated inter-dendritic regions of steel 1.2709 additively manufactured using directed energy
deposition (DED-LB/M) [43,46].

41



Materials 2021, 14, 3465

Figure 10. Relative densities of 1.2709, SiC/1.2709, FLG/1.2709, and IOB/1.2709 using different overlaps for adjacent
welding lines of 20% and 30%.
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Figure 11. Relative density with respect to build rate of 1.2709 and its nanoparticle coatings. Overview of all evaluated
specimens (left diagram), black framed area illustrated in right diagram.

Furthermore, C-rich segregations increase the susceptibility of the formation of car-
bides. Precipitations were found at the triple points of the segregated seam areas in this
study. Considering the Ti and C enrichment inside the seam areas, it can be assumed
that these precipitations were Ti-rich carbides of type MC. Accordingly, the precipitations
seemed to be enlarged and occur more frequently for the PBF-LB/M sample made from
powder FLG/1.2709. This starting powder showed an increased C content due to the C-rich
FLG coating (0.15 mass% C, cf. Table 5). Like the FLG coating, the SiC coating used in this
study is also rich with the element C and increased indirectly the C content of the feedstock
powder, which again could promote carbide formation (0.11 mass% C, cf. Table 5). At
the same time the SiC coating indirectly increased the Si content of the feedstock powder,
which could counteract the carbide formation in the segregated areas of retained austenite
to some extent, preventing the increase in number and size of carbide precipitations [47].

3.3.3. Microstructure and Mechanical Properties of the PBF-LB/M Processed Tool Steel in
the Heat-Treated Condition

Conventionally maraging steels like the considered tool steel 1.2709 are used in
solution-annealed and precipitation-hardened conditions to ensure the strength and hard-
ness required for their applications, such as in injection molding tools for plastic process-
ing [46]. Solution annealing is performed to generate a sufficient high solution state of
alloying elements like Ti, Mo, and Ni. The high solution state is required because these ele-
ments are needed to form precipitations of intermetallic phases like Ni3(Ti,Mo) of a specific
sizes to achieve a maximum precipitation hardening effect during subsequent aging [48].
The formation of the intermetallic phases during additive manufacturing processes and
subsequent heat treatments is described in detail in the work of Jägle et al. [49]. In the
literature, the solution state of additively manufactured maraging steels is already high in
as-built conditions because of the high solidification rate present [44]. Therefore, in this
work, samples were not exclusively solution annealed and were subsequently aged for
precipitation hardening, but also aged only after PBF-LB/M production. The omission of
the solution annealing step can further reduce production time and yields cost savings in
the additive manufacturing of tools.
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Figure 14 shows the microstructures obtained after the heat-treatment of the PBF-
LB/M manufactured samples. After solution annealing (850 ◦C, 1 h) and subsequent aging
(490 ◦C, 6 h), the fine cellular microstructure, which is typical for PBF-LB/M processed steel,
is diminished for all investigated samples, either additivated or non-additivated. Instead,
a lath-like martensitic microstructure is formed. This microstructure formed corresponds
with the microstructure of maraging steels, conventionally produced by casting and hot
forming [46].

Figure 12. Cross-sections of manufactured specimens different process parameters and an overlap of
30%; pore formation indicated by red arrows; lack of fusion indicated by blue arrows.
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Figure 13. SEM micrographs of the PBF-LB/M densified samples at different magnifications: (a) 1.2709, (b) SiC/1.2709,
(c) FLG/1.2709, (d) IOB/1.2709 at low magnification; (e) 1.2709, (f) SiC/1.2709, (g) FLG/1.2709, (h) IOB/1.2709 at a
higher magnification.

Figure 14. SEM micrographs of the PBF-LB/M densified and heat-treated samples: (a) 1.2709, (b) SiC/1.2709, (c) FLG/1.2709,
(d) IOB/1.2709 solution annealed and aged; (e) 1.2709, (f) SiC/1.2709, (g) FLG/1.2709, (h) IOB/1.2709 aged only.

Differences considering the microstructures of the solution annealed and aged sam-
ples can be found for the samples made from the SiC/1.2709 and IOB/1.2709 powders.
Inclusions are appearing dark in the secondary electron contrast and can be observed in the
cross-sections of these samples (Figure 14b,d). It is assumed that these inclusions are oxides.
Similar inclusions in PBF-LB/M-processed steel 1.2709 were identified as Ti-, Mo-, Al-, and
Si-rich oxides by Kempen et al. [40]. For the sample made from the powder SiC/1.2709,
the oxide precipitations are of a stretched-out shape with a length of approx. 3 μm. In
contrast, the oxides in the sample made from IOB/1.2709 are of a spherical morphology
with diameters up to 5 μm. The occurrence of these enlarged oxides can be traced back to
the increased oxygen content of the IOB coated feedstock powder IOB/1.2709 (0.17 mass%
O, cf. Table 5). The nanoparticle coating seems to be dissolved during the PBF-LB/M
process, resulting in oxygen enrichment of the melt. The high oxygen content subsequently
promotes the formation and coarsening of oxides during the solution annealing. Conse-
quently, the enlarged oxides could not be observed for the samples made from SiC/1.2709
and IOB/1.2709 in the as-built and aged condition (Figure 14e–h). The pronounced tem-
pering colors observed for the samples made from IOB/1.2709 during the single-track
experiments (Section 3.2) indicate that a certain number of O-rich particles is carried to
the surface of a selectively melted layer by convection in the melt pool. This can be traced
back to the lower density of the incompletely dissolved oxide particles (IOB) compared to
the molten alloy. The primary assumption is that an insufficient powder deposition in this
particular case is associated with volumetric defects like pores and lacks of fusion, and not
with the occurrence of oxides.
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In contrast to the microstructures obtained after solution annealing and precipitation
hardening, the fine cellular microstructure previously formed during the PBF-LB/M densi-
fication is still present after aging (490 ◦C, 6 h) for all investigated samples (Figure 14e–h).
This behavior was also observed by Strakosova et al. [44], who explained the preservation
or diminishing of the cellular microstructure by diffusion processes of the alloying ele-
ments depending on the heat-treatment temperature. According to Strakosova et al. [44],
the segregated cell seams become homogenized due to the possibility of diffusing of the
involved elements (Ni, Mo, Ti, C) during the solution annealing temperatures around
850 ◦C. But the relatively lower aging temperature of around 490 ◦C is not sufficient for
homogenization of the segregated areas by diffusion processes. Therefore, aging alone
does not diminish the cellular microstructure [44].

While a fine microstructure like the cellular microstructure can increase the material’s
strength and toughness, the inhomogeneous chemical element distribution after aging can
result in a reduced achievable hardness due to the stabilizing of retained austenite [46,50].
Strakosova et al. [44] observed an increased amount of retained austenite only after aging
compared to a solution annealed and aged state owing to the segregated seam areas which
are still present after aging only. However, since the formation of carbon-martensite is
not the dominant hardening mechanism in soft martensitic maraging steels due to their
low C content, the presence of the retained austenite does not reduce the hardness of only-
aged samples significantly compared to samples, which were homogenized during a prior
solution annealing. The high hardness of maraging steels is achieved by the precipitation
hardening during final aging [44].

The results of Strakosova et al. [44] could be confirmed in this work, as Figure 15 shows.
The hardness of the PBF-LB/M processed steel 1.2709 drops only by 4 HV1 from 666 HV1 in
the solution annealed and aged condition to 662 HV1 in the aged-only condition. However,
the samples produced from the SiC/1.2709 and IOB/1.2709 powders show a higher drop
in hardness for the aged-only condition compared to the solution annealed and aged state
from 672 to 630 HV1, respectively from 650 to 630 HV1. In contrast, the samples made from
the FLG/1.2709 powder show an almost identical hardness in both heat-treated conditions
solution annealed plus aged and aged-only of 655 HV1 and 654 HV1, respectively.

Figure 15. Hardness of the PBF-LB/M densified samples in different conditions.

The hardness in the as-built state of the PBF-LB/M-processed samples was also
determined. While the hardness values of the samples made from standard 1.2709 and the
IOB/1.2709 powder are identical with 405 HV1, the hardness values of the SiC and FLG
additivated samples in as-built condition are higher with values of 451 HV1 and 465 HV1,
respectively. The increased hardness of the samples made from the SiC and FLG coated
powders can be traced back to the increased content of the element C compared to the
standard 1.2709 powder (cf. Table 5). The element C is an interstitial soluble element and
causes strong solid solution hardening in the as-built condition of the samples SiC/1.2709
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and FLG/1.2709. But the increased hardness due to solid solution hardening respectively
carbon-martensitic hardening caused by the increased C contents does not improve the
hardness in the heat-treated condition. A reason for this is that the predominant hardening
mechanism of heat-treated maraging steels is not a solid-solution hardening by intestinally
solute C or a car-bon-martensitic hardening. Instead, the hardening of maraging steels
relies on the mechanism of precipitation hardening by the precipitation of intermetallic
phases like Ni3(Ti, Mo) of a specific size during the aging heat-treatment [49].

Furthermore, the aforementioned increased susceptibility for the formation of Ti-rich
carbides owing to the increased C content of the powders coated with C-rich nanoparticles
could promote a less pronounced precipitation hardening effect during aging. It could
be assumed that an increased fraction of thermodynamically stable Ti-rich MC carbides
reduces the amount of solute Ti in the metal matrix that is available for the formation of
the intermetallic phase Ni3(Ti, Mo), which is responsible for the precipitation hardening
of steel 1.2709 [51]. However, in this study, no significant hardness decrease in the heat-
treated condition could be observed using the C-rich nanoparticle additive FLG. This
invalidates the assumption of a hardness loss owing to the pronounced formation of Ti-rich
MC carbides.

The IOB coating can also result in a decreased hardness owing to the aforementioned
negative impact on the flowability leading to a less dense powder application during
PBF-LB/M processing [34]. Therefore, the IOB coating can promote lack of fusion defects
which can affect the Vickers hardness testing, resulting in a decreased measured hardness,
as reported by Kempen et al. [40]. Indeed, the hardness decreasing effect of volumetric
defects could be observed for the sample made from IOB/1.2709 in the aged-only condition
(cf. Figure 15). The local distribution of the lack of fusion defects is the reason for the high
scattering of the hardness values (standard deviation of 23 HV1). Simultaneously, other
sample areas can possess a higher density with less lack of fusion defects and thus show
no decrease in hardness and a lower scattering (cf. Figure 15).

The FLG nanoparticle coating of 1.2709 powder enables more efficient PBF-LB/M
process parameters which increase the build rate by 18% while preserving the material’s
high hardness after precipitation hardening. Thereby, the solution annealing, which is
performed in the conventional production of maraging steels, can be omitted. In contrast,
nanoparticle coating of the feedstock material using IOB seems inappropriate because
of the promotion of oxide formation and lack of fusion defects. Such defects can have a
detrimental impact on tensile and fatigue properties. In future studies, the evolution of
the microstructure and the formation of the precipitations has to be investigated more
deeply by techniques like transmission electron microscopy (dislocations, precipitations)
and electron backscatter diffraction (retained austenite, martensite, precipitations) in order
to improve the heat-treatment and thus the final part properties. Additionally, mechanical
testing, including tensile and fatigue tests, will be performed in future work.

4. Conclusions

In this work, nanoparticle (SiC, FLG, IOB) coated tool steel 1.2709 powder was ana-
lyzed concerning its particle size distribution and reflectance behavior and was processed
by PBF-LB/M. The subsequent examination of the relative density, build rate, hardness,
and microstructure under consideration of different heat-treatment methodologies allows
the determination of production efficiency. Consequently, the scientific questions addressed
at the beginning are answered:

1. After nanoparticle coating of the metallic powder particles, increased absorption
behavior is observed. One the one hand, the nanoparticles on the surface of individual
metal powder particles lead to increased surface roughness. This in turn leads to
increased beam traps and multiple scattering of laser radiation within the powder
bed. On the other hand, there is a correlation between the resulting darker coloration
of the powder particles and the reduced reflection at the utilized wavelength of 1064
nm as an additional attribute.
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2. Based on DRIFTS analysis, IOB/1.2709 exhibits the lowest reflectance values. How-
ever, the relative density analysis of PBF-LB/M produced samples reveals the smallest
process window for this composite powder. In addition to the reflectance, a homoge-
neous powder bed is of great importance. In this case, its inferior flowability led to
voids during powder application. The coating with FLG enables build rates allow-
ing a relative density of over 99.9%, which exceeds those of the original feedstock
by approximately 18%. The combination of low reflectance and increased thermal
conductivity represents favorable conditions for the PBF-LB/M process. Thus, the
improvement of the absorption behavior cannot be used as the sole factor to qualify
more efficient process parameters.

3. A relative density of 99.9% was achieved with all material combinations. The genera-
tion of single tracks, which are exposed over 25 layers, represents a process-oriented
and transferable qualification methodology due to the consideration of heat balance,
real layer thickness and consistent diffusion process without the influence of the build
platform material.

4. The microstructure of the all specimens shows a cellular substructure in the as-built
condition. Furthermore, presented precipitations seem to be enlarged and occur more
frequently for the PBF-LB/M sample made from powder FLG/1.2709 due to a C
enrichment inside the seam areas. After solution annealing and subsequent aging,
the fine cellular microstructure which is typical for PBF-LB/M processed steel, is
diminished for all investigated samples, either additivated or non-additivated. Nev-
ertheless, the IOB coating tends to promote the formation of oxides. Considering the
hardness testing, FLG/1.2709 maintains the hardness of the additively manufactured
and heat-treated 1.2709 feedstock material. The conventionally performed solution
annealing could be omitted.

5. Outlook

Future work will investigate the correlation between surface roughness of individual
powder particles and reflectance in more detail. The use and adaption of the AFM mea-
surement to a statistically representative number of particles represent a significant factor.
Furthermore, the material tests will be extended to include tensile and fatigue tests. In
addition, microstructural characteristics have to be investigated more deeply by techniques
like transmission electron microscopy and electron backscatter diffraction.
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Abstract: Additive manufacturing (AM) has become increasingly important over the last decade
and the quality of the products generated with AM technology has strongly improved. The most
common metals that are processed by AM techniques are steel, titanium (Ti) or aluminum (Al) alloys.
However, the proportion of magnesium (Mg) in AM is still negligible, possibly due to the poor
processability of Mg in comparison to other metals. Mg parts are usually produced by various casting
processes and the experiences in additive manufacturing of Mg are still limited. To address this issue,
a parameter screening was conducted in the present study with experiments designed to find the
most influential process parameters. In a second step, these parameters were optimized in order
to fabricate parts with the highest relative density. This experiment led to processing parameters
with which specimens with relative densities above 99.9% could be created. These high-density
specimens were then utilized in the fabrication of test pieces with several different geometries, in
order to compare the material properties resulting from both the casting process and the powder
bed fusion (PBF-LB) process. In this comparison, the compositions of the occurring phases and
the alloys’ microstructures as well as the mechanical properties were investigated. Typically, the
microstructure of metal parts, produced by PBF-LB, consisted of much finer grains compared to
as-cast parts. Consequently, the strength of Mg parts generated by PBF-LB could be further increased.

Keywords: powder bed fusion; magnesium; process development

1. Introduction

The role of metals in additive manufacturing (AM) technology has increased in recent
years [1]. The production of metal products by AM is divided into three methods, i.e.,
powder bed systems, powder feed systems and wire feed systems. The advantages of
powder and wire feed systems are the possibility to easily repair parts and having higher
volume build-up rates. However, the most common method is the powder bed system or
powder bed fusion (PBF-LB) according to DIN and ASTM [2]. This method has the ability to
produce high-resolution parts with internal passages [3]. The AM technologies do not need
any kind of tooling and it is possible to build undercuts. As a result, complex structures
can be realized with these methods [4]. New lightweight constructions or individual parts
can be realized. Large-volume parts or mass accumulation needed for the casting process
can be transformed into framework structures. In this case, the mechanical properties (e.g.,
stiffness, strength) will be adapted by the framework structure. Ahmadi et al. investigated
different structures with regard to their mechanical properties. Their investigations showed
that the truncated cube and the truncated cuboctahedron are two of the strongest structures,
while the diamond and rhombic dodecahedron structures are comparatively weak. The
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same behavior was observed for the stiffness. The stronger structures also have a higher
stiffness [5]. Additionally, the microstructure strongly depends on the production method.
Relating to Trosch et al., as-cast Inconel 718 parts have grain sizes at the scale of 1 mm.
With forging, the grain size can be downsized to 10–100 μm. However, with PBF-LB, a
grainsize of 1–5 μm can be realized. Additionally, the grain size can be tailored by adjusting
the laser parameters. Increasing the scanning speed, for example, leads to a more refined
grain size [6]. According to the Hall–Petch relationship, a finer microstructure results in an
increased yield strength from 940 (as-cast) to 1185 MPa (PBF-LB) for Inconel 718 [7]. This
mechanism translates to other metals and alloys as well and is especially relevant for the
strengthening of magnesium alloys.

The PBF-LB process poses several challenges itself. Like the as-cast products, parts
manufactured using PBF-LB have residual porosity, and the solution to this issue is de-
pendent on the exact manufacturing process being employed. Kelly et al. optimized the
density of Ti6Al4V parts by varying the laser parameters from 96.2% to 99.2%. Thus, the
compressive yield strength and compressive yield strain of gyroid structures could be
enhanced by 70% and 21%, respectively [8]. Another particularly important challenge with
metal powders for AM is the oxide layer present on the powder particles. Due to the high
specific surface area of the powder, the proportion of the metal oxide is higher than in
other production methods that utilize bulk workpieces. Oxides can prevent the fusion
of the particles, especially if they will not melt at the process temperature being used [9].
Significantly higher boiling points of metals in comparison with the melting points of their
respective oxide lead to a better processability. The boiling point of metallic titanium (Ti) at
3287 ◦C is substantially higher than the melting point of the oxide layer (1842 ◦C). This is
similar for iron with a boiling point of the metal of 2861 ◦C [10]. Mg is problematic in this
regard as it has a low melting point of 650 ◦C and a boiling point of 1093 ◦C, combined
with the oxide’s very high melting point of 2825 ◦C [10]. This problem can be dealt with
by either changing the material composition by alloying or adjusting the laser process
itself. In previous investigations, the commercial alloy WE43 emerged as a promising
alloy in producing Mg parts with PBF-LB [11]. WE43 consists nominally of magnesium
alloyed with 4 wt.% yttrium (Y) and 3 wt.% rare-earth elements (RE). These elements are
able to thermodynamically reduce the thermally very stable magnesium oxide (MgO) [10].
In addition, certain rare-earth oxides form an eutectic system with MgO, which has the
potential to reduce the melting temperature of the oxide layer by 800 ◦C [12].

The first investigations to fabricate single tracks out of magnesium using PBF-LB were
conducted by Ng et al. (2009) [13]. They proved the feasibility of this process, despite the
difference in the evaporation temperature of the oxide compared to the melting temper-
ature of pure magnesium. They also found that the process is highly dependent on the
processing parameters, especially the laser power and laser scanning speed. There was
an unstable melting process, with much spattering and process emission, diminishing
the build quality. In order to improve the process, many investigations were carried out
over the next few years to adjust the process parameters for the fabrication of ideal single
tracks and completely dense samples [14,15]. Jauer et al. produced the first fully dense
sample in 2016. They used a dedicated laser melting system, designed to remove process
emissions out of the building chamber. Moreover, they used the magnesium alloy AZ91
to realize samples with a relative density up to 99.5% [16]. However, the problem with
aluminum as an alloying component is its poor biocompatibility, which led to increased
process development activities for the use of WE43, which has been used in conventionally
manufactured resorbable implants previously [15,17].

The objective of the present study was the comparison of the properties of prod-
ucts generated with either PBF-LB or die casting. Hence, the densities, compositions,
microstructures and mechanical strengths of the products were investigated.
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2. Materials and Methods

2.1. Magnesium Alloys

In this study, the Mg alloy WE43 (4 wt.% Y and 3 wt.% rare-earth metals, balance Mg)
was investigated. For the production of the as-cast samples, WE43 ingots were provided
by Magnesium Elektron UK (Manchester). In the PBF-LB experiments, a gas-atomized
WE43 powder provided by Carpenter Additives (Widnes, Cheshire, UK) was used. An
SEM (scanning electron microscope) image showing a typical selection of powder particles
is displayed in Figure 1. The particle diameters are below 63 μm with a median of 9.6 μm
and a 0.9 quantile at 18.7 μm. The shapes and the sizes of the powder particles are very
inhomogeneous, having, in part, adhering satellites and deformed particles. With the 90%
quantile at 18.7 μm, the manufacturing of layer thicknesses down to 20 μm is possible.
Moreover, the powder has excellent flowability, which is important even for powder
application, and therefore a homogenous melting behavior.

 

Figure 1. SEM image of the WE43 used for PBF-LB.

2.2. Casting of the WE43 Samples

The reference samples were cast using a gravity die casting process. For the casting
process, a mild steel crucible and steel dies (both self-built) were used. The casting geometry
inside the dies was a horizontal rod (∅ 20 mm × 220 mm) with a feeder along the top of
the rod. Among other things, this geometry was also designed to obtain a homogeneous
microstructure. The properties of the samples should consequently be homogeneous along
the rod. To prevent interfacial reactions or excessive diffusion of iron into the melt, the
crucible was coated with boron nitride (BN). For the die, two different coatings were used.
The rod was coated with graphite for a faster cooling rate and the feeder was coated with
BN to slow down the cooling rate. The WE43 ingots were then placed into the crucible. For
the melting process, a resistance-heated furnace (Nabertherm GmbH, Lilienthal, Lower
Saxony, Germany) was used. To shield the Mg melt from oxidation, a constant gas stream
of 1000 mL/min of 0.3 vol.% reactive SF6 in nitrogen over the top section of the crucible was
maintained. The WE43 ingots were melted and the temperature of the melt was then raised
to 750 ◦C. Simultaneously, the dies were preheated to 350 ◦C. After reaching the casting
temperature, the crucible was taken out of the furnace and the melt was cast manually into
the preheated dies. Finally, the feeder and sprue were cut off mechanically after demolding.

The samples for the characterization were prepared out of the as-cast rods (Knuth
Wergzeugmaschinen GmbH, Wasbek, Schleswig-Holstein, Germany and EMCO GmbH,
Hallein-Taxach, Salzburger Land, Austria). The microstructure of the whole cross-section
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was analyzed on cylindrical samples (∅ 20 mm × 10 mm) cut out of the rods. The cylindrical
samples for the compression tests had a diameter of 5 mm and a length of 7.5 mm. The
tensile test specimens had the B4 ×20 sample size according to the standard DIN 50125
and the flat samples for measuring the bending strength were cuboid with dimensions of
43 mm × 6 mm × 2 mm. All these samples were machined out of the rod.

2.3. PBF-LB of WE43

In PBF-LB, a laser melts a multitude of particles in a powder bed, forming layers with
a set height. After the melting process, the next layer is applied by first lowering the build
platform, applying the powder and melting the layer. This process is repeated until the
desired geometry is built. In this process, several parameters have a substantial impact on
the resulting geometry and the mechanical properties. A parameter study was executed
to establish suitable process parameters for fabrication of the samples. The following
parameters were varied: laser power, laser scanning speed, hatch distance, hatch pattern,
build plate preheating and layer size.

The samples in PBF-LB were fabricated with a laser melting system of the type
SLM125HL (SLM Solutions Group AG, Lübeck, Germany). The specimens were cubes with
a size of 5 mm × 5 mm × 5 mm with a 1 mm support structure. The generated samples were
analyzed with the statistical software JMP (Version 15, SAS Institute, Cary, NC, USA), in
order to gather information in a wide processing interval with the smallest sample possible.
A series of three investigations was carried out to determine the processing parameters
for the highest relative density with the lowest respective porosity. With the parameters
and intervals shown in Table 1, a statistical design of the experiment was developed with
the software JMP. The parameter screening was based on a central composite design,
which was divided into three parts. The first experiment with 18 sets of parameters was a
screening to narrow the possible parameters down to a highly relevant selection. In the
following, the best laser parameters were chosen by 36 additional experiments. The best
parameters of those experiments were then used for a more detailed analysis in another six
additional experiments.

Table 1. Parameters for the central composite design of the first parameter screening.

Step

Process Parameters for Screening Experiment

Laser
Power in W

Scanning
Speed in

mm/s

Hatch
Distance in

μm

Layer
Height in

μm

Hatch
Pattern

Build Plate
Temperature

in ◦C

−1 20 100 10 20 Lines 40
0 60 800 80 - - -
1 100 1500 150 75 Chess 200

The objective of this process development was to create an empirical process model of
WE43 for the powder bed fusion. This model predicts the relative density from a combi-
nation of laser and manufacturing parameters, is calculated with the software JMP and
consists of numerous embedded equations. These are based on a selection of parameters in
individual equations to show the individual influence and are furthermore crossed to take
the interactions between them into account.

2.4. Mechanical Testing

The bending strength was determined with three-point bending tests according to the
standard DIN EN ISO 7438 using a Zwick Z250kN mechanical testing machine (ZwickRoell
GmbH, Ulm, Germany) with a 20 kN load cell. The samples were placed on a two-point
bearing surface with a distance of 17 mm. The testing started with the force set to 10 N,
followed by the actual bending test with a crosshead speed of 1 mm/min.

The compression tests were performed according to the standard DIN 5016 using a
Zwick Z 250 Retro Line mechanical testing machine (ZwickRoell GmbH, Ulm, Germany).

54



Materials 2021, 14, 887

The preload used in the compressive test was set to 50 N, followed by a nominal strain rate
of 10−3 s−1.

Furthermore, the behavior of the as-cast samples under tensile load was characterized
according to the standard DIN 50125 with the Zwick Z 250 Retro Line mechanical testing
machine and a 20 kN load cell. The preload used in the tensile test was set to 25 N.

For each investigated parameter, a minimum number of eight samples were tested to
statistically validate the results of the mechanical tests. For the parts generated with AM,
the mechanical properties of two separate build jobs were characterized for an indication
of the overall reproducibility of the process.

In addition, the Vickers hardness was analyzed according to the standard DIN EN ISO
6507-1 using a Zwick ZHU 250 (ZwickRoell GmbH, Ulm, Germany). The method HV10 was
employed using a Vickers indenter and a test force of 98.1 N. On each sample, the average
hardness was determined by calculating the mean values of at least seven indentations.

2.5. Microstructural Analysis

The as-cast magnesium implants were ground and polished down to a particle size
of 1 μm of the polishing agent. Afterwards, the surface underwent a treatment with
10% picric acid in ethanol in order to slightly etch the grain boundaries. The images
of the microstructure were taken with a VK-X1000 microscope (Keyence, Neu-Isenburg,
Germany). The grain size analysis was carried out with different methods for the as-cast
and additive manufactured samples. The microstructure of the parts generated with PBF-
LB showed differently shaped grains. To get a meaningful result, the areas of the individual
grains were determined. Therefore, the grain boundaries were marked separately to
calculate the inner areas. The as-cast samples, however, had mostly globular grains and
hence the grain sizes of the as-cast samples were analyzed according to the ASTM E 112
standard. Using the calculated grain size, the occupied area of the grains was calculated
with the assumption that the grains were spherical. The scanning electron microscope
(SEM) images of the microstructure and the energy-dispersive X-ray spectroscopy (EDX)
analysis were obtained with a SUPRA 55 VP (Carl Zeiss AG, Oberkochen, Germany) using
an acceleration voltage of 12 kV, a spot size of 2.5 nA, a working distance of 6.2 mm and
magnifications of 50×, 250× and 400× (as-cast) and 50×, 500× and 6000× (PBF-LB).

2.6. X-ray Characterization

Phase determination was carried out by X-ray diffraction (XRD) using a C8 Discover
(Bruker Corporation, Billerica, MA, USA) with CuKα radiation (λ = 1.540562 Å). The
samples were scanned continuously from 15◦ to 88◦ in 2θ with a step size of 0.01◦.

The porosity of the as-cast samples compared with the AM-generated parts with
different process parameters was investigated with an Xradia 520 Versa X-ray microscope
(Carl Zeiss AG, Oberkochen, Germany). The images were taken with a CCD camera (Andor
Technology Ltd., Belfast, Northern Ireland, UK) and lenses at 4 times magnification. For
the as-cast samples, a spatial resolution of 2.4 μm, an acceleration voltage of 70 kV, a
power of 6 W and an exposure time of 3.2 s were used. The tomographic images of the
parts generated with AM were implemented with spatial resolutions of 5 (samples for the
compression test) and 6 μm (samples for bending tests), an acceleration voltage of 80 kV, a
power of 7 W and exposure times of 5 (samples for the compression test) and 8 s (samples
for bending tests).

3. Results

3.1. Process Development

The objective of the process development was to create a process model to be able to
determine a set of parameters adjusted to the fabrication of high-quality WE43 parts. This
process model links the laser and manufacturing parameters via empirical equations to the
relative density as the target variable. Figure 2a–c show three specimens in a cross-section
view, displaying the influence of the energy input by the laser on the relative density.
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These cross-sections as a base for analysis are oriented perpendicular to the manufactured
layers to obtain detailed information about the course of the building process. This allows
faults of the melting behavior to be detected in individual layers and to, furthermore, be
correlated with laser exposure strategies. The corresponding process parameters are given
in Table 2. In addition, the set of parameters given by the model for a maximum density,
which was also used to process the samples in the present study, was added in Figure 2d
and as #d in Table 2. It is shown that the forecast of the process model is valid and the
calculated parameter set for maximum density leads to 99.9% density.

 

Figure 2. Cross-sections of representative specimens from the process screening (a–c) with the parameters shown in Table 2;
best overall result of this process development based on the final empirical process model (d).

Table 2. Set of parameters used for processing of the specimens shown in Figure 2.

Option

Process Parameters

Laser
Power in

W

Scanning
Speed in

mm/s

Hatch
Distance

in μm

Layer
Height
in μm

Hatch
Pattern

Build Plate
Temperature

in ◦C

Energy
Input

in J/mm3

Relative
Density

in %

a 20 100 10 20 Lines 200 1000 42.2
b 60 800 80 75 Lines 200 12.5 80.0
c 100 800 10 75 Chess 200 625 99.9
d 80 450 45 20 Chess 40 197.5 99.9

The specimen shown in Figure 2, option a, clearly had an energy input which was too
high. If the energy input is too low, dense samples could not be realized either, as is seen in
Figure 2, option b. A correct energy input leads to dense samples with a porosity of less
than 0.1%. Figure 2, option c, corresponds to the best result of the parameter screening
and had 99.9% relative density. This specimen had sufficient density, but showed poor
dimensional accuracy. The layer height of 75 μm is desirable due to the good build-up rate
but results in a significant stair chase effect on angled surfaces. Thus, a parameter with
a high density for a smaller layer height had to be identified, and the statistics software
was used to create an empirical process model. To simplify the model and the calculation,
some processing parameters were fixed to eliminate variables. The parameters were set
to 20 μm layer height, 40 ◦C build plate preheating and chess hatching with a field size
of 4 mm edge length as a laser exposure with a 90◦ hatch rotation from layer to layer.
With these parameters as a basis, the next experiment investigated the influence of the
laser power, scanning speed and hatch distance in detail. The selection was made due
to experience in preliminary work, where these three variables had the most significant
impact. Processes could be optimized to very good results, disregarding the layer height,
preheating temperature and laser exposure strategies due to their minor influence. The
laser power was varied between 20 and 100 W, the scanning speed from 100 to 1500 mm/s
and the hatch distance from 10 to 150 μm. The parameters used were based on the forecast
of the process model.
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In this parameter interval were six parameter combinations, which led to relative
densities of 99.9%. The best result is #d in Table 2, which showed a very high density and a
good dimensional fit. This parameter set was then used for the fabrication of the samples
for the mechanical testing as well as the microstructure investigation.

3.2. Tomographic Analysis

The spatial distributions of the rare-earth precipitates and the pores were determined
by volumetric XRM scans. Typical cross-sections from two different planes of cast and
additively manufactured parts are shown in the 2D slice images in Figure 3. In the as-cast
samples (Figure 3a,b), no pores were detected, which means the pores are smaller than
the detection limit or no pores exist in the investigated area. In addition, the rare-earth-
containing phases in the microstructure, which are the brighter spots in the tomographic
images due to higher X-ray attenuation, are in the micrometer range with only a few
agglomerated spots of those rare-earth precipitates. Clearly, it was demonstrated that the
precipitates have no preferential orientation. In comparison, pores were detected in every
sample of the parts generated with PBF-LB (Figure 3c–h). The cylinders for the compression
tests had smaller spherical or elongated pores, which were arranged between the layers.
The size was in the range of 20 to 100 μm, whereas elongated pores reached a length of
up to 160 μm. Considering the precipitates, those were also larger than in the as-cast
samples and were arranged in layers. Rare-earth precipitates emerged preferably at grain
boundaries [18]. Thus, smaller and uniformly distributed precipitates may have resulted
from smaller grains. Considering the cuboid-shaped PBF-LB samples for the bending test,
the porosity varied strongly with the building process, although the same parameters were
used. In the first process, the porosity was low and similar to the smaller samples for the
compression test. By producing the same cuboid-shaped samples in a second process,
the porosity increased strongly. However, only the amount of pores increased; their size
remained the same. In addition, the layered structure of the process was visible based on
the distribution of the precipitates. The porosity strongly affected the mechanical behavior
as will be demonstrated later.

3.3. Microstrucure and Phase Analysis

The microstructure of the WE43 specimens strongly depended on the manufacturing
process, as is shown in Figure 4. In the as-cast state (Figure 4a), the grains were com-
paratively large with mostly globular shapes and a mean grain size of 22 ± 0.5 μm. To
be able to compare the grain size of the as-cast state with the PBF-LB state, the area was
calculated on the assumption that the grains are spherical. In this case, the grains had
an area of 380 μm2. Unlike the porosity, the microstructure of all parts generated with
PBF-LB was similar, which is why only representative images of the individual areas are
shown in the following. The microstructure of the PBF-LB parts must be considered at two
levels. At a mesoscopic level, the structure consists of parabolic areas with different sizes
(Figure 4b). The parabolic structure was due to the melting of small separate spots and
shows the direction of solidification. Each melt pool solidified in the same direction that
the laser scanned along the surface. If pores occurred, they appeared mostly at the borders
of the parabolic structures. This also indicates that the scanning parameters can influence
the porosity strongly. In contrast to the as-cast condition, the grains of the PBF-LB parts
consisted of much smaller and arbitrarily shaped grains. In the middle of the parabolic
structures, the grains were more spherical (Figure 4c), while the grains on the borders of
the parabolas could be both spherical or elongated (Figure 4d), whereby the latter grains
were more pronounced and were visibly larger. Due to the elongation of the grains, a
meaningful average grain size could not be determined using the same procedure as for
the as-cast samples.
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Figure 3. 2D images from the tomographic measurements of (a,b) as-cast WE43, (c,d) PBF-LB-
generated WE43 samples for the compression test, (e,f) first PBF-LB-generated sample for the bending
tests and (g,h) second PBF-LB-generated sample for the bending tests.
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Figure 4. Light microscopy images of the microstructure of WE43: (a) as-cast, (b) PBF-LB-generated
and (c,d) detailed images of different spots in (b).

Thus, the surface of the grains was analyzed and plotted in a histogram (Figure 5).
Concluding from the numeric proportion, it is apparent that a majority of the grains were
spherical ones in the micron or submicron range, as shown in Figure 4c. Towards the
larger grains, the numeric histogram flattened out slowly due to the elongated grains
displayed in Figure 4d. Although the amount of smaller grains is significantly higher,
the area proportion of the elongated grains was similar to that of the spherical grains, as
represented by the surface area histogram. Hence, the two grain geometries in Figure 4c
occurred with an equal share of the surface area.

The different phases and their composition were characterized in SEM images along
with additional EDX measurements. The backscattered electron images of the as-cast WE43
with the additional spots of the EDX measurements are shown in Figure 6 with a 50×
(Figure 6a) and 250× (Figure 6b) magnification, together with the compositions of the
different areas in Table 3. As the backscattered electrons show an element contrast, the
distribution of the rare earths is qualitatively visualized. The overview image shows a
needle-like structure of the Mg matrix, separating areas with a higher amount of rare-earth
metals. In addition, precipitates, visible as small bright spots, were uniformly distributed.
Both the precipitates and the separated parts in the matrix were homogeneously distributed.
With the EDX measurement, only neodymium (Nd) could be detected out of the elements of
the rare-earth mixture and had the expected magnitude of 2.4 wt.%. In contrast, the yttrium
(Y) content was almost double the target value, with 7.9 wt.%. However, the tested volume
was comparatively small, which is why an additional spark spectrometer measurement
was employed. In this way, a larger volume of the sample was measured and the data
were close to the nominal concentrations. Looking at the detailed image (Figure 6b), the
center of the needle-like structure was in the middle of the grains. It was also found that
most of the Nd was in the precipitates (EDX 4), whereas yttrium was concentrated in the
separated part of the matrix. These results were confirmed for the overall structure through
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EDX mappings (Figure 7) of the section in Figure 6b. The Nd content in all precipitates
was found to be the same as was measured on a single precipitate (EDX 4). In contrast,
Y did not show a significant increase in the precipitates compared to the Y found in the
matrix. Due to the higher resolution of the SEM compared to the XRM, the pores, which
are represented by the black dots in Figure 6a, could be revealed.

 
Figure 5. Histogram of the area-based grain size of PBF-LB-generated WE43 of the spherical grains
(gray) and longitudinal grains (black).

 

Figure 6. Backscattered electron images of as-cast WE 43 with (a) low and (b) high magnification.

Table 3. Results of the EDX measurements indicated in Figure 6.

Element

Composition in wt.%

EDX 1 EDX 2 EDX 3 EDX 4 Spark Spectrometer

Mg 89.7 97.8 94.9 84.0 94
Y 7.9 1.0 3.0 4.7 3.9

Nd 2.4 1.2 2.1 11.3 2.1
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Figure 7. Element mapping of Mg, Nd and Y of the specimen in section in 6b.

Unlike the grain structures of the parts generated with PBF-LB, the phases of these
parts were arranged differently. In the samples for the bending tests (Figure 8a,b), most of
the precipitates were inhomogeneously distributed. Only a few layers consisted of evenly
distributed precipitates. The higher-magnification image (Figure 8b) shows that the precipi-
tates were agglomerated in some areas, but they still formed mostly fine structures in those
agglomerations. Only in some cases did clusters of precipitates occur. In contrast, large
parts of the compression test samples (Figure 8c,d) contained small and homogeneously
distributed precipitates. However, there were still areas with agglomerated precipitates
similar to the cuboid samples, as shown in Figure 8e,f. Although, locally, a homogeneous
structure could be realized, the process was still not stable enough to produce a large vol-
ume with a homogeneous structure and a density above 99%. As with the as-cast samples,
the composition of the different phases was also analyzed in the PBF-LB-generated parts.
Besides the spots in Figure 9, a large-area EDX measurement (EDX 5) of Figure 8a was con-
ducted. The compositions of the different phases, independent of the samples, were similar
to each other, which is why only a representative EDX analysis of one PBF-LB-generated
part is shown in Table 4. The Nd and Y content is rather high in the large-area EDX mea-
surement. To determine the impact of the process on the composition, an additional EDX
measurement of the initial powder was conducted on several particles. The RE content in
the initial powder was actually found to be lower than in the final produced parts. As was
mentioned before, the problem with Mg in the PBF-LB process was the low boiling point of
metallic Mg. During the heating of each spot, Mg could have been vaporized to a greater
extent than during the casting process.

In the matrix, there was also a variation in the RE content similar to the as-cast sample.
Due to the finer microstructure, the separate parts were thinner. Hence, an accurate
composition was hard to obtain because the excitation volume could easily include RE-rich
areas. Consequently, the measured RE content of the matrix is much higher than the
solubility limit. In contrast to the as-cast sample, the Y content in the precipitates was
remarkably raised instead of the Nd content. According to the phase diagrams, Nd-rich
precipitates should occur. However, the cooling rate in the PBF-LB process was much
faster. The resulting intermetallic phase of Nd and Mg has a lower diffusion rate and
could not be separated into a second phase. Thus, the formation of Nd-rich precipitates is
kinetically inhibited.

The XRD analysis shows the occurring phases in the PBF-LB and as-cast samples, c.f.
Figure 10. As expected, the Mg peaks were the most distinctive ones. Besides Mg, the phase
Mg3Nd occurred in samples of both production methods, although those precipitates were
not found in the SEM/EDX analysis of the PBF-LB-generated parts. Therefore, the forma-
tion of Mg3Nd was not kinetically inhibited, but rather had a diffusion-based formation of
the precipitates. Furthermore, also striking is that only the oxide of yttrium (Y2O3) could be
detected, especially in the PBF-LB parts, which is most prominent in the peak at 29◦. Those
distinctive peaks could not be detected in the as-cast samples. Consequently, the formation
of oxides was process-based and did not emerge after the preparation of the samples. The
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Y-rich precipitates in the PBF-LB samples could consequently be Y2O3. Unfortunately, the
oxygen content could not be quantified with the EDX measurement before, which is why
the precipitates of Y2O3 could not be localized by the SEM-EDX analysis. However, only
Y2O3 was found as a Y-rich phase in the PBF-LB-generated parts. Consequently, those
precipitations in Figure 9 should be Y2O3. This originates from the comparatively high
amount of oxides in the powder-based process, as it was mentioned before.

 

Figure 8. Backscattered electron images of PBF-LB-generated WE43: (a,b) sample for the porous
bending test and (c–f) sample for the compression test.
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Figure 9. Backscattered electron images of PBF-LB-generated WE43 with the areas of the EDX
measurements.

Table 4. Composition of the EDX measurement of the spots in Figures 8 and 9.

Element
Composition in wt.%

EDX 5 EDX 6 EDX 7 WE43 Powder

Mg 89.4 91.5 73.0 91.6
Y 6.2 4.4 22.1 4.6

Nd 4.4 4.1 4.9 3.8

 
Figure 10. XRD pattern of as-cast and PBF-LB-generated WE43 with the corresponding phases.

3.4. Mechanical Properties

The mechanical properties are a key factor for lightweight constructions, especially for
AM-generated parts, as they can be designed without considering the manufacturability
by casting or forming. On this account, the as-cast and PBF-LB-generated parts were tested
under compressive and bending stresses. However, up until now, the behavior under
tensile stress was only tested with the as-cast samples. As it was mentioned before, the
building direction of the samples for the mechanical testing generated by PBF-LB was
along the weakest direction. The stress–strain diagrams of the behavior under compressive
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and bending loads are shown in Figures 11 and 12, respectively. The corresponding
characteristic values of the compressive, bending and tensile tests and the hardness are
listed in Table 5. The elastic behavior of WE43 does not depend on the production method,
i.e., parts produced by PBF-LB and gravity die casting had similar elastic moduli. However,
the elastic modulus is a physical quantity and depends on the bonding strength of the atoms,
whereas the strength strongly depends on the microstructure, which was influenced by the
production method. The as-cast samples had a comparatively low yield strength, which
leads to an early onset of plastic deformation. Plastic deformation of PBF-LB-generated
WE43 parts started at double the applied stress when compared to the as-cast parts. The
compressive strength of PBF-LB-produced parts was also higher, but the difference was
less pronounced. However, the ductility of the as-cast parts was higher as compared to
PBF-LB, as shown in Figure 11. In fact, the elongation to fracture was doubled when using
the as-cast parts. The samples showed little variation in mechanical behavior, so only one
representative stress–strain diagram is represented for each case in Figure 11.

 

Figure 11. Stress–strain diagram of as-cast and PBF-LB-generated WE43 under compressive load.

 
Figure 12. Stress–strain diagram of as-cast and PBF-LB-generated WE43 under bending load.
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Table 5. Mechanical properties of as-cast and PBF-LB-generated WE43 parts.

Load Type Characteristic Value WE43 as-Cast WE43 PBF-LB

Compressive load
Yield strength in MPa 146 ± 7 297 ± 8

Compressive strength in MPa 383 ± 37 424 ± 41
Elongation in % 20 ± 2 11 ± 2

Bending load
Yield strength in MPa 271 ± 35 499 ± 10 359 ± 18

Bending strength in MPa 430 ± 30 601 ± 31 375 ± 24

Tensile load
Yield strength in MPa 142 ± 2 - -

Tensile strength in MPa 184 ± 22 - -
Elongation in % 2.3 ± 2 - -

Hardness Vickers hardness in HV10 69.0 94.1

The elastic deformation under bending load was similar in both build jobs of the
PBF-LB-generated parts. However, the plastic deformation behavior differed significantly.
While the first samples generated had a high yield strength and, additionally, a high
bending strength, the samples generated in the second manufacturing process clearly had
a low proportion of plastic deformation, which also begins at a much lower stress. The
preparation of the samples for the bending test was not yet reproducible. The bending
behavior ranged from brittle to ductile. In particular, the ductility of the PBF-LB parts with
a low porosity (WE43 PBF-LB-1) was more similar to the as-cast samples under bending
load than under compressive load. However, the bending strength of the as-cast WE43 was
considerably lower.

Magnesium typically shows a tension pressure anomaly [19], which was partly ob-
served in the present study. The yield strength was similar in the as-cast WE43. Only the
compressive strength strongly increased compared to the tensile yield strength by 108%.
The biggest difference, however, was the elongation to fracture. It is expected that the
strength of WE43 generated with PBF-LB under tensile stress should increase similarly to
the compressive strength, but this is still to be investigated.

Strengthening of a material by a finer-grained microstructure typically results in an
increase in hardness. The same behavior could be observed in the present study. As shown
in Table 5, the WE43 parts generated by the PBF-LB process had an increase in hardness by
36% as compared to the as-cast condition.

4. Discussion

In the present study, WE43 parts of high quality could be successfully generated
by employing PBF-LB. By further adjustments to the process, a density of over 99.9%
could be achieved. The laser power, the scanning speed and the hatch distance had a
big influence on the quality of the produced parts. So far, densities of at least 99% have
been achieved when using WE43 for PBF-LB by generating small cubes with an edge
length of 3 mm. If the dimensions of the samples were increased (edge length of 5 mm)
or a more complicated geometry had been used, the density was observed to decrease
to 95% according to Gieseke [11]. The process development resulted in a parameter set,
which increased the density up to 99.9% for parts in the size range between 5 and 10 mm.
However, when the dimensions were increased significantly to 50 mm, the porosity could
not be set reproducibly. The reason is suspected to be a change in heat conductivity and
can be mitigated by further investigation of processing parameters in the desired volume.
Therefore, it is recommended to tailor the specimen in testing to a similar geometry for the
desired applications. Since in a process development of a novel material, the feasibility
has to be tested first, this work is the first step in this direction. As a consequence, the
abstractability must be improved by a better understanding of the melting and solidification
behavior. Using the same set of parameters in different building jobs leads to different
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porosities. In large volume parts, the large amount of pores should be homogeneously
distributed because the set of parameters was equal throughout the whole sample [8]. The
tomographic images of the PBF-LB parts show a deviating behavior. The pores are not
homogeneously distributed in the whole volume, which suggests that the process is not
stable throughout. Possible solutions are widening the process window by developing a
new process variant or by tailoring the Mg alloy towards the process’s requirements. Even
in a stable process with a minimized porosity, the number of pores is still higher compared
to the as-cast samples. However, the PBF-LB samples of different sizes showed the same
porosity when the process was stable. This suggests that the porosity is independent of the
size. In contrast, the porosity of as-cast samples strongly depends on the thickness of each
part. Thicker parts show higher shrinkages, followed by an increase in the pore size and
porosity [20].

The phase analysis had revealed that in both cases, the material consisted mostly
of Mg with Mg3Nd precipitates. This is contrary to the expectations based on the phase
diagram because the thermodynamically stable phase for low amounts of Nd in Mg is
MgNd [21]. Dealing with the oxide layer is a key issue for Mg alloys in the PBF-LB process.
Keeping this in mind, the only oxide phase that emerged with a detectable level was Y2O3.
In the case of a mixture of MgO and Y2O3, the melting point of the oxide layer should be
between 2046 (eutectic temperature) and 2401 ◦C (melting point of Y2O3) [12]. Comparing
the two XRD patterns, the issue of the oxide content was clearly demonstrated. The higher
yttrium fraction in the precipitates of the PBF-LB parts was most likely caused by the oxide
because no other yttrium-containing phases were detected. Comparing all the oxides of
the alloying elements, Y2O3 is thermodynamically the most stable one. In fact, yttrium is
able to reduce the oxides of the other alloying elements [10].

The grain structure of the PBF-LB parts is independent of the size or the quality of
the build job. The parabolic structure, which has its origin in the beam traces, is strongly
pronounced. This typical process-related structure could also be found in the work of
Wei et al., who produced AZ91 parts by AM [22]. Whether and to what extent the beam
traces and the layered structure appear strongly depend on the material and on the process
parameters. Thus, in CoCrMo alloys, the parabolic structure is very prominent. In contrast,
Ti alloys, for example, can prevent the formation of this layered structure due to grain
growth across the layers [23], although it is possible to reach a trace structure with Ti6Al4V
by adjusting the PBF-LB process with the disadvantage of a high porosity [24]. Comparing
the grain size of the AM-generated parts with the as-cast parts, the difference in grain
size is of two orders of magnitude, which is typical when comparing both processes. The
same behavior was investigated by Trosch et al. by comparing the grain size of AM parts,
formed parts and as-cast parts. In their study, the grain size was three magnitudes higher
than the AM parts. Even the forged parts had 10 times larger grains [7]. Zumdick et al.
produced WE43 parts through AM that had spherical-like grains with a diameter of 1.1 μm.
They also described the parabolic structure, but not with the elongated grains found in the
present study [25]. In as-cast samples, such elongated grains are typical with an anisotropic
solidification from the mold wall to the center [26]. Similarly, the solidification in the
PBF-LB parts is vertical to the parabolic line, as if it were one separated melt pool that
solidifies inwards. Those separated melt pools also have spherical grains in the center
emerging in a homogeneous nucleation, shown in the work of Dahle et al. [26]. In the
present study, the volume share of both parts was roughly equal. Using the influence of
the process parameters, the properties can be adjusted to the component’s requirements.

This principle was used by Eifler in his work to adjust the mechanical properties and
the corrosion behavior of the Mg alloy ZNdK100 by adjusting the microstructure with
different extrusion parameters. The resulting microstructure varied from a completely
recrystallized structure with only small grains to a partly recrystallized structure with a
bimodal grain size distribution of deformed grains of the as-cast state and recrystallized
grains. The strength, for example, could be raised to over 350 MPa [27]. The mechanical
properties are particularly important for lightweight constructions. Seitz et al. investigated
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different extruded Mg alloys with the alloy LAE442, showing a maximum in the bending
strength of 570 MPa and a compressive yield point of 150 MPa [28]. The as-cast WE43
samples had a similar compressive yield strength but a significantly lower bending strength.
The strength of WE43 can also be increased by extrusion, as was performed by Dieringa
et al. They reached a compressive yield strength of 261.5 MPa and a compressive strength
of 420.4 MPa. However, the PBF-LB parts had even higher strengths than those from
extruded LAE442 and WE43. This could be attributed to the even smaller grain size of the
PBF-LB process compared to casting and extrusion, which increases the strength due to
the Hall–Petch effect [7,29]. Using the process to vary the microstructure of PBF-LB parts
as Thijs et al. did for Ti6Al4V, the properties of additive manufactured Mg could also be
adapted to the application [24].

The problems with Mg stem from its difficult processability, which results from the
thermophysical properties of Mg and MgO; therefore, the useful process window is strongly
limited. By developing a new process and a new alloy tailored to the special properties of
Mg, the process window could be widened, which could stabilize the process and increase
the parts’ properties.

5. Conclusions

The present study demonstrated that dense magnesium parts with relatively high
volumes can be produced by PBF-LB with the alloy WE43. The main results can be
summarized as follows:

1. With a process development targeted for maximum relative density, the process can
be stabilized to generate large parts while ensuring a high density.

2. The microstructure consists of a bimodal grain size distribution with smaller spherical
grains and larger elongated grains. Using the laser parameters, the microstructure
could be adapted to directly adjust the properties of the generated part. Compared
to the as-cast state, the grain size is one to two orders of magnitude lower, which
explains the high strength even for WE43.

3. Still the porosity of the PBF-LB parts is higher than in the as-cast parts, which reduces
the strength. Thus, there is still a great potential in the PBF-LB process. In further
investigations, additional adjustments, such as those to the laser parameter or the
atmosphere, have to be made to stabilize the process for Mg. Furthermore, an alloy
adapted to the process could enhance the process capabilities.

4. The PBF-LB parts mainly consist of Mg, Mg3Nd and Y2O3. The objective of reducing
MgO to Mg by the rare-earth elements could be achieved. Due to the fast cooling
rate, no Mg3Nd precipitates could be formed. With additional heat treatments,
precipitates of these intermetallic phases could be realized and additionally change
the components’ properties.
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Abstract: So far, copper has been difficult to process via laser powder bed fusion due to low absorp-
tion with the frequently used laser systems in the infrared wavelength range. However, green laser
systems have emerged recently and offer new opportunities in processing highly reflective materials
like pure copper through higher absorptivity. In this study, pure copper powders from two suppli-
ers were tested using the same machine parameter sets to investigate the influence of the powder
properties on the material properties such as density, microstructure, and electrical conductivity.
Samples of different wall thicknesses were investigated with the eddy-current method to analyze the
influence of the sample thickness and surface quality on the measured electrical conductivity. The
mechanical properties in three building directions were investigated and the geometrical accuracy of
selected geometrical features was analyzed using a benchmark geometry. It could be shown that the
generated parts have a relative density of above 99.95% and an electrical conductivity as high as 100%
International Annealed Copper Standard (IACS) for both powders could be achieved. Furthermore,
the negative influence of a rough surface on the measured eddy-current method was confirmed.

Keywords: additive manufacturing; laser powder bed fusion; pure copper; short wavelength laser
system; green laser; eddy-current method; electrical conductivity

1. Introduction

Copper has the second highest thermal and electrical conductivity of all non-
superconducting materials, making it the material of choice for many functional applica-
tions such as heat exchangers or induction coils. Additive manufacturing processes offer a
high degree of geometrical freedom for the fabrication of complex parts and are therefore a
promising technology for pure copper applications. So far, pure copper has been processed
via electron beam melting (EBM) [1–4], binder jetting (BJ) [5], laser powder bed fusion
(LPBF) [6–14] and laser metal deposition (LMD) [15–17]. The highest relative densities of
99.95% and electrical conductivities of 96.24% IACS up until 2020 were achieved with the
EBM process [2–4]. Bai and Williams [5] reached 97.3% relative density after sintering with
the BJ process. Due to the high thermal conductivity of pure copper and low absorptivity
in the range of 25% [11,18] of the copper powder at laser wavelengths of 1000–1100 nm,
which are mostly used for LPBF [19], stable processing is not possible for infrared laser
powers below 500 W and, therefore, fully dense parts could not be produced [13,20]. So far,
only relative densities of 83–88% have been reported for pure copper parts when using a
common 200 W infrared laser source [14,21]. One approach to increase the relative density
of additively manufactured pure copper parts is by increasing the laser power. Colopi et al.
and Ikeshoji et al. [12,22] have reached relative densities as high as 99.1% to 99.6% when
using laser powers of up to 1 kW at a wavelength of 1 μm. However, melt-pool instabilities
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still occur mainly due to the different absorptivity of the powder bed and the molten copper
at those wavelengths, leaving parts with low surface quality. By far the most promising
approach is using a laser source with shorter wavelengths, primarily “green lasers” with
wavelengths of about 515 nm. Such a setup can produce additively manufactured pure
copper parts with relative densities of up to 99.8% and an electrical conductivity reaching
up to 100% IACS [23], thus enabling the highest performances. A green laser source was
already used for LMD [16] and even blue diode lasers showed promising results in dense
single tracks [17].

The aim of this study was to verify the robustness of the process by using two powders
with different particle size distributions and to take a closer look at the evolving density,
microstructure, and effect of geometry features such as wall thickness and surface condition
on electrical conductivity measurements. The geometrical accuracy was analyzed via 3D
scanning and the mechanical properties were also determined for three building directions.

2. Experimental Setup

2.1. Powder

Pure copper powders from two different powder suppliers were used: deoxygenated
oxygen-free pure copper (Cu-OF) and oxygenated electrolytic tough pitch copper (Cu-ETP).
Both powders were gas atomized. The particle size distribution and morphology were
verified using the CAMSIZER X2 (Microtrac Retsch GmbH, Haan, Germany) based on the
dynamic digital image analysis according to ISO 13322-2. The chemical composition was
provided by the material suppliers and hot carrier gas extraction using the inductar® ONH
cube (Elementar Analysensysteme GmbH, Langenselbold, Germany). The absorptivity of
the powders was measured using a UV-VIS Zeiss MCS400 (Carl Zeiss Spectroscopy GmbH,
Jena, Germany) and FT-NIR spectrometer Bruker Vertex 70 (Bruker Corporation, Billerica,
MA, USA). To verify the morphology and satellites, additional SEM imaging was used.

2.2. Machine

The samples were manufactured using a TruPrint 1000 Green Edition (TRUMPF
GmbH + Co. KG (Holding), Ditzingen, Germany) with an integrated TruDisk1020 disk
laser with a wavelength of 515 nm and a maximum laser power of 500 W. All specimens
were processed with the same parameter set: line energy input 0.808 J/mm, hatch distance
120 μm, and a layer thickness of 30 μm.

2.3. Samples

Copper cubes with 10 × 10 × 15 mm3 and vertical walls of 20 × 20 mm2 with
different thicknesses of 500 μm, 1 mm, 1.5 mm, and 3 mm were built. Cylinders 8 mm
diameter × 43 mm height for static mechanical testing were built in the vertical, horizontal,
and 45◦ building direction (see Figure 1) and then machined to the geometry DIN 50125 B
4 × 20.

(a) (b) 

Figure 1. Steel build plate 100 mm in diameter with (a) density cubes 10 × 15 × 10 mm3 and vertical
walls 20 × 20 mm2 of different thicknesses and (b) cylinders with 8 mm diameter × 43 mm height
for tensile samples in three building directions.
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To analyze the dimensional accuracy for certain features such as cylinders, overhangs,
and walls, a benchmark geometry developed by the Fraunhofer Institute for Material
and Beam Technology IWS within the AGENT-3D program was built and analyzed via
3D scanning using an ATOS Core GOM 135 (GOM GmbH, Braunschweig, Germany)
which can be seen in Figure 2. The geometry and previous measurements with 3D scan-
ning and computed tomography (CT) were described in detail by Lopez et al. [24] and
Gruber et al. [25].

  
(a) (b) 

Figure 2. Benchmark geometry (a) build job preparation file with support structures (blue) and (b) pure copper structure
built with Cu-OFHC.

2.4. Sample Preparation

After the LPBF process, the samples were separated from the steel substrate via
electrical discharge machining. Each cube was microsectioned in two planes (x–y and x–z,
see Figure 3) and prepared for optical porosity analysis via image analysis. The resulting
porosity and mean pore sizes were averaged from a total of six microsections per powder
and etched with Adler 10:1 for the analysis of the microstructure.

Figure 3. Definition of microsectioning planes.

The tensile cylinders were machined to B4x20 according to DIN EN ISO 50125 and
tested with an inspect table 50 kN (Hegewald & Peschke Meß- und Prüftechnik GmbH,
Nossen, Germany) according to DIN EN ISO 6892-1.

2.5. Conductivity Measurement

To measure the electrical conductivity, the eddy-current-based device SigmaScope 350
(Helmut Fischer GmbH, Sindelfingen, Germany) was used with an examination frequency
of 120 kHz for the microsectioned cubes (x–z plane) and vertical walls (x–y plane) under
the two surface conditions sand-blasted and milled. According to ASTM E1004—17 [26],
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the sample thickness should be at least 2.6 δ where δ is the standard depth of penetration
of the induced eddy-currents calculated by Equation (1)

δ =
660√
f × σ

(mm) (1)

where
f = examination frequency in Hz, dependent on the sensor,
σ = electrical conductivity of the sample in IACS percentage

Each measurement was repeated six times on the same sample and averaged. The
precision of the measurement was 0.09 MS/m for 120 kHz and the correctness less than 1%
of the measured value according to Helmut Fischer GmbH. With an expected 100% IACS
and examination frequency of 120 kHz, the standard depth of penetration was 190 μm.
Following the rule of a minimum wall thickness of 2.6 δ required a minimum sample
thickness of 500 μm.

3. Results and Discussion

3.1. Powder Analysis
3.1.1. Morphology

The particle size distribution of both powders differed greatly as can be seen in
Figure 4 and Table 1. D10 of Cu-OFHC was almost equal to D90 of Cu-ETP. Cu-ETP
showed a bimodal behavior with peaks at 26 μm and 32 μm, whereas Cu-OFHC had a
single peak at around 47 μm.

Figure 4. Particle size distribution of Cu-OFHC and Cu-ETP measured with the CAMSIZER X2.

Table 1. Main characteristics of particle size distribution of Cu-OFHC and Cu-ETP.

Powder D10 in μm D50 in μm D90 in μm Sphericity

Cu-OFHC 31.6 41.5 50.1 0.919
Cu-ETP 19.5 26.2 34.9 0.923

SEM imaging of both powders confirmed the presence of larger pores (see Figure 5)
and the high sphericity values from the dynamic imaging showed a similar spherical shape
and low amount of agglomerated particles. Additionally, no internal pores were observed
for both powders from the embedded microsections.
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Figure 5. SEM images of loose Cu-OFHC powder at (a) 100× magnification, (b) 1000× magnification, and (c) embedded
300× magnification; SEM images of loose Cu-ETP powder at (d) 100× magnification, (e) 1000× magnification, and (f)
embedded 300× magnification.

3.1.2. Chemical Composition

Despite the different grades provided, both powders had a similar chemical composi-
tion according to supplier specifications and hot carrier gas extraction measurements (see
Table 2). One explanation for this could be the oxygen uptake of the Cu-OFHC powder
during powder production and powder handling prior to processing, leading to similar
results compared to the Cu-ETP powder.

Table 2. Cu content provided by the suppliers and H, N, O content of Cu-OFHC and Cu-ETP powder
measured with hot carrier gas extraction.

Supplier
Information

Hot Gas Extraction
Technical Specification

DIN CEN/TS 13388

Cu H N O O

in wt. % in ppm in %

Cu-OFHC 99.95 10 100 230 1

Cu-ETP 99.97 10 30 270 0.04–0.06
1 Oxygen content must ensure hydrogen resistance according to DIN EN 1976.
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3.1.3. Absorptivity

The absorptivity A of both pure copper powders at 515 and 1064 nm shown in Table 3
emphasize the advantages of using a green laser source, since the absorption increases by
260% compared to using a conventional infrared laser source.

Table 3. Absorptivity A at 515 nm and 1064 nm measured with UV-VIS spectrometry.

Powder A at 515 nm A at 1064 nm

Cu-OFHC 72.21% 27.27%
Cu-ETP 76.93% 31.99%

Cu-ETP showed higher absorption for both wavelengths, which could be explained by
the smaller particle size resulting in larger surface area and increased multiple scattering of
the laser beam in the powder bed that was also observed by Gu et al. [27]. Overall, both
powders had similar morphological and chemical properties and the main difference was
the particle size distribution.

3.2. Porosity

Light microscopy of the two microsectioned planes of the density cubes revealed a
dense core and porous surface for both powders (see Figure 6) with a core porosity of
0.013% for the Cu-ETP powder and 0.017% for the Cu-OFHC powder (see Table 4).

  
(a) (b) 

 
(c) (d) 

Figure 6. Polished microsection of Cu-OFHC in the (a) x–y plane and (b) x–z plane and polished
microsection of Cu-ETP in the (c) x–y plane and (d) x–z plane.
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Table 4. Porosity analysis of three density cubes per powder via image analysis.

Powder Mean Porosity in %
Mean Max. Pore

Size in μm
Mean Porous Layer

Thickness in μm

Cu-OFHC 0.017 ± 0.0243 410.0 ± 8.50 152 ± 17.1
Cu-ETP 0.013 ± 0.0094 52.5 ± 27.59 144 ± 35.5

Again, the Cu-ETP exhibited slightly higher density values, which could be attributed
to the smaller particle size resulting in higher packing and higher absorption. At the same
time, it should be noted that microsections only reveal the behavior in one plane and the
measured difference in density could also be statistically insignificant.

3.3. Microstructure

The microstructure in the x–z plane for both powders showed the typical grain growth
parallel to the building direction (see Figure 7). Even though the measured porosity was
very low, single spots of lack of fusion could be detected in both samples. The scanning
tracks were also faintly visible and gave insight on the track width and penetration depth
of the laser. The minimum track width was mainly restricted by the used 200 μm laser spot
size. Density cubes from both powders showed similar microstructural evolution.

  
(a) (b) 

Figure 7. Microstructure of (a) Cu-OFHC in the x–z plane and (b) Cu-ETP in the x–z plane.

3.4. Electrical Conductivity

The electrical conductivity was measured from the prepared x–z microsections of the
previously analyzed three density cubes for each powder (see Table 5).

Table 5. Comparison of electrical conductivity measured with the eddy-current method on polished
microsectioned surfaces.

MS/m % IACS

Cu-OFHC 58.12 ± 0.26 100.0 ± 0.44
Cu-ETP 57.34 ± 0.26 98.6 ± 0.44

The slight difference of measured electrical conductivity using three cubes built
from both powders (0.7 MS/m or 1.4% IACS) could be insignificant. This should be
investigated in a later study with more samples. The electrical conductivity measurements
were continued for Cu-OFHC vertical walls of different wall thicknesses only, since the
density measurements, microstructure, and bulk electrical conductivity for both powders
were very similar. A large discrepancy of the electrical conductivity was observed between
a sand-blasted surface and a milled surface (see Figure 8) and the maximum values from
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the bulk conductivity could not be reproduced. This effect of surface condition increased
with smaller wall thicknesses. At a 3 mm wall thickness, the difference was 8.4% and at
1 mm wall thickness the discrepancy increased to 34.6% while the standard deviation also
increased. It is thought that perhaps the remaining air in the porous layer (see Figure 6)
acted as an isolator, which then reduced the measured conductivity. This could explain the
lower conductivity measurements of the 500 μm wall.

Figure 8. Effect of surface condition and wall thickness on measured electrical conductivity of Cu-OFHC.

3.5. Static Mechanical Properties

The mechanical properties (see Table 6) were obtained only from the Cu-OFHC powder
due to the low differences in density, microstructure, and electrical conductivity of the
cubes from both powders. Significant anisotropic behavior was found in the three building
directions. Vertically and horizontally built samples showed similar behavior, whereas the
diagonal samples showed a lower Young’s modulus and lower strength. The mechanical
properties of the additively manufactured copper were in the range of conventional soft
annealed pure copper, according to [28] (see Table 6).

Table 6. Tensile testing results of Cu-OFHC.

Condition (Building Direction or
Conventional)

Young’s Modulus
E in GPa

Yield Strength
Rp0.2 in MPa

Ultimate Tensile
Strength Rm in MPa

Elongation at
Break A in %

Vertical 130.6 ± 27.6 135.7 ± 2.3 212.3 ± 3.8 51.5 ± 8.4
Diagonal 90.0 ± 9.6 127.3 ± 2.1 187.7 ± 2.1 47.0 ± 3.2

Horizontal 144.3 ± 15 134.8 ± 2.5 224.3 ± 2.2 47.4 ± 3.5

Soft annealed Cu-OF acc. to [28] 110 <100 200–250 40–60

3.6. Geometrical Accuracy

Features smaller than 0.5 mm are not converted into scanning vectors in the slicing
software Materialise Trumpf Build Processor and Magics 24.1 due to the set-up beam
compensation of 100 μm in combination with the beam diameter of 200 μm. Therefore,
the smallest features of the benchmark geometry with thicknesses of 100 μm were not
scanned and could therefore not be analyzed. The geometrical accuracy was highest
for vertical cylinders larger or equal to 1 mm in diameter (see Figure 9). The increased
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relative deviation at a diameter of 500 μm is attributed to the large laser focus and beam
compensation. For vertical walls, the deviation was feature size independent around 3 to
4%. Overall, features larger than 500 μm had a very high accuracy.

Figure 9. Relative deviation from the feature size of three different geometrical features (vertical
wall, vertical cylinder, and 45◦ cylinder) analyzed from 3D scanning data points from the Cu-OFHC
benchmark geometry.

All cooling channels 1, 2, and 4 mm in diameter (straight and curved) could be built
without support structures and the remaining powder could be removed with pressurized
gas (see Figure 2b). This showed the potential for complex inner cooling channels in future
pure copper applications using LPBF having an advantage compared to electron beam
melting, where unused powder is agglomerated in a sinter cake, making the removal of
powder in inner channels difficult to almost impossible.

4. Conclusions

The following conclusions could be made in this study:

• Density above 99.8% and bulk electrical conductivity values of 98.6% IACS and 100%
IACS for the two pure copper powders with different particle size distributions were
achieved in accordance with [23], proving that the integration of the green laser
source into the TruPrint1000 results in a stable process to build high-quality pure
copper samples.

• A ground or polished surface with an area of 15 × 15 mm
2

and a sample thickness
of at least 1.5 mm results in a reproducible and correct measurement of the electrical
conductivity with the eddy-current method.

• The mechanical properties show anisotropic behavior, which was expected due to the
layer-wise build up. The highest strength was found in horizontally build tensile sam-
ples.

• Features smaller than 500 μm are difficult to achieve due to the laser focus diameter
of 200 μm, the scanning strategy of using contour lines for every feature, and the
processing software.

Future work will focus on the influence of oxygen pick up within the powder during
the build process and during powder storage on the part quality and powder recyclability
as well as geometrical capabilities with the 200 μm laser focus diameter and minimum
powder requirements for high-density and high-conductivity parts.
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Abstract: The samples of the Al–15Fe (mass%) binary alloy that were additively manufactured by
laser powder bed fusion (L-PBF) were exposed to intermediate temperatures (300 and 500 ◦C), and
the thermally induced variations in their microstructural characteristics were investigated. The
L-PBF-manufactured sample was found to have a microstructure comprising a stable θ-Al13Fe4

phase localized around melt-pool boundaries and several spherical metastable Al6Fe-phase particles
surrounded by a nanoscale α-Al/Al6Fe cellular structure in the melt pools. The morphology of
the θ phase remained almost unchanged even after 1000 h of exposure at 300 ◦C. Moreover, the
nanoscale α-Al/Al6Fe cellular structure dissolved in the α-Al matrix; this was followed by the
growth (and nucleation) of the spherical Al6Fe-phase particles and the precipitation of the θ phase.
Numerous equiaxed grains were formed in the α-Al matrix during the thermal exposure, which led
to the formation of a relatively homogenous microstructure. The variations in these microstructural
characteristics were more pronounced at the higher investigated temperature of 500 ◦C.

Keywords: additive manufacturing; aluminum alloys; microstructure; intermetallics; thermal exposure

1. Introduction

Metal additive manufacturing (AM) is an advanced manufacturing technology used
for fabricating complex-shaped metal/alloy components using computer-aided design [1].
Laser powder bed fusion (L-PBF) is one of the representative metal-AM processes [2] that
has been adopted for a considerably lightweight aluminum (Al) alloy series [3,4]. In L-PBF,
a scanning laser irradiates the metal/alloy powder that is sequentially bedded on a base
plate, which leads to selective melting and subsequent rapid solidification. Consequently,
L-PBF-processed Al alloy products exhibit significantly refined microstructures [5–8], which
lead to higher strengths than those of the Al alloys fabricated using conventional casting
processes [9–12]. Al–Si-based alloys are known to be suitable for the L-PBF process [13–15];
however, L-PBF-processed Al–Si-based alloys exhibit reduced strength at temperatures
higher than 200 ◦C [16]. The potential application of L-PBF-manufactured Al alloys in
radial impellers operating at intermediate temperatures above 200 ◦C (inside the vehicle
turbochargers) has encouraged the development of new Al alloys with superior strength at
both ambient and intermediate temperatures. To accommodate the demand for materials
with high-temperature strength, a variety of heat-resistant Al alloys, such as Al–Cr, Al–Mn,
Al–Ni, Al–Ni–Fe, and Al–Ce–Mn, have been proposed for fabrication by L-PBF [17–19].

With the aim of fabricating Al alloys using common alloy elements instead of rare-
earth elements, attempts have been made to investigate the feasibility of adopting L-PBF to
fabricate an Al–Fe binary alloy with a high Fe content (15 mass%) [19], which corresponds
to a hyper-eutectic composition in the Al–Fe binary system. In general, coarsened Al–Fe
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intermetallic compounds (stable Al13Fe4 phase) were often formed in the cast Al–Fe-based
alloys with high Fe contents. The brittle Al-rich intermetallic phases have a detrimental
effect on the ductility of the materials. However, the L-PBF-manufactured Al–15%Fe alloy
exhibits refined microstructures [20,21] containing numerous nanosized particles of the
metastable Al6Fe phase [22]. Moreover, the L-PBF-manufactured Al–15%Fe alloy shows
a high yield strength of about 400 MPa at 300 ◦C [23], which is higher than that of both
the 8xxx alloy series [24,25] (Al–Fe-based alloys used in powder metallurgy) and the L-
PBF-manufactured Al-based multi-element alloys [18,26]. The hardness of these specimens
slightly decreases after long-term thermal exposure, suggesting that the high thermal
stability of the nanosized metastable Al6Fe phase strengthens the L-PBF-manufactured
Al–Fe alloys. This indicates the remarkable potential of Al–15%Fe as a lightweight Al
alloy that can be additively manufactured for high-temperature applications. However, the
metastable Al6Fe phase can transform into a stable Al13Fe4 phase [27] that is in equilibrium
with the α-Al matrix after long-term exposure to high temperatures. Additionally, the
changes in the microstructural features of L-PBF-processed Al–Fe binary alloys during
thermal exposure are not fully understood.

Therefore, the microstructures of the L-PBF-processed Al–15%Fe alloy exposed to
intermediate temperatures (300 and 500 ◦C), which contained refined Al–Fe intermetallic
phases, were systematically characterized in this study to elucidate the microstructural
variations and the phase transformation from metastable Al6Fe to stable Al13Fe4.

2. Materials and Methods

An Al–15Fe (mass%) binary alloy powder with an average particle size below 30 μm
was prepared via gas atomization; the details concerning the preparation of the alloy pow-
der can be found elsewhere [20]. Rectangular samples with the approximate dimensions of
15 × 15 × ~5 mm3 were constructed using a ProX DMP 200 machine (3D Systems, Rock
Hill, SC, USA). The following optimized L-PBF parameters were used to manufacture the
samples [14]: laser scanning speed, 0.4 m/s; laser power, 128 W; hatch distance, 0.1 mm;
powder bed layer thickness, 0.03 mm; and beam focus size, ~0.1 mm. The scanning laser
patterns were separated in each 10 mm-sized hexagonal grid, and the direction of the laser
scanning was consecutively altered by 90◦ for each powder layer [28]. The constructed
samples had high relative densities (>96%). The as-built samples were exposed to 300 and
500 ◦C for various periods ranging from 1 h to 1000 h, followed by a water quench.

The samples exposed to high temperatures for different durations were embedded
in resin and then mechanically polished with SiC paper. Scanning electron microscopy
(SEM; JSM-IT500 and JSM-6610A, JEOL Ltd., Tokyo, Japan) was performed to examine
the microstructures of the prepared samples. To facilitate these observations, the sample
surfaces were polished with 0.05 μm-sized colloidal silica particles (pH 9.8 in liquid).
Vickers hardness tests were performed on these samples using a test load of 1.98 N and
a loading duration of 15 s at room temperature. X-ray diffraction (XRD) measurements
were carried out using a Rigaku ULTIMA IV instrument equipped with a Cu radiation
source at 40 kV. The cross-sectional samples were subjected to argon-ion polishing using
a cross-section polisher at 6 V. Orientation analyses were performed using the electron
backscatter diffraction (EBSD) technique with scanning step sizes of 0.2 or 0.3 μm. Thin
samples were prepared from the thermally exposed specimens for transmission electron
microscopy (TEM) analysis. The pieces were cut into a plate shape using a low-speed cutter
and then polished with SiC paper to prepare foil samples with a thickness of ~0.1 mm.
The thin-foil samples were subjected to argon-ion polishing at 6.0 kV using an Ion Slicer™
(JEOL EM-09100IS) and then smoothened for approximately 600 s at a low voltage (2.0 kV)
for TEM analysis. The microstructures of the prepared samples were characterized by TEM
(JEOL JEM-2100F/HK) at 200 kV.
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3. Results and Discussion

3.1. Microstructure of As-Built Sample

Figure 1 shows the multi-scale microstructural characteristics of the as-built Al–15%Fe
alloy sample. The low-magnification SEM images [Figure 1a,b] show representative melt-
pool structures, which refer to the laser-scanning tracks in which the regions are selectively
melted and rapidly solidified. The high-magnification SEM image (Figure 1c) shows many
coarse particles of the Al–Fe intermetallic phase, with a leaf-shaped morphology localized
along the melt-pool boundaries. Comprehensive EBSD analyses [21] have confirmed the
formation of the θ-Al13Fe4 stable phase [27] that is in equilibrium with the α-Al matrix in
the Al–Fe binary system. Numerous particles of the metastable Al6Fe phase [22], several
hundred nanometers in size, were distributed in the melt pools (Figure 1c,d). The TEM
observation (Figure 1d) revealed that these spherical Al6Fe-phase particles were surrounded
by nanoscale cellular structures composed of α-Al and Al6Fe phases in the melt-pool
structure. The formation sequences of the nanosized metastable phase and the relatively
coarse stable phase during solidification have been clarified [21] using the equilibrium and
non-equilibrium phase diagrams of the Al–Fe system [29].

 

Figure 1. (a–c) SEM images showing microstructures of L-PBF-constructed Al–15%Fe alloy: (a,b) low-
magnification views and (c) a location around the melt-pool boundary. (d) Bright-field TEM image
showing spherical Al6Fe-phase particles surrounded by nanoscale cellular structures in the melt pool.

3.2. Variation in Al–Fe Intermetallic Phases at Elevated Temperatures

Figure 2 shows representative XRD profiles of the as-built and thermally exposed
Al–15%Fe alloy samples. The XRD profile of the as-built sample confirmed the presence of
metastable Al6Fe and stable θ-Al13Fe4 phases in the α-Al matrix, which is consistent with
the microstructural characterization results shown in Figure 1. The samples exposed to
300 ◦C exhibited higher diffraction intensities from the Al6Fe and θ phases; this tendency
was enhanced after the long-term exposure for 1000 h. In contrast, the sample exposed to
500 ◦C for 100 h exhibited considerably lower diffraction intensities from the Al6Fe phase
and similar θ-phase intensities to those detected in the samples exposed to 300 ◦C. This
variation in the XRD profiles can be attributed to the dissolution of the metastable Al6Fe
phase upon exposure to 500 ◦C.
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Figure 2. X-ray diffraction (XRD) profiles of the L-PBF-built pristine and thermally exposed Al–15%Fe
alloy samples [300 ◦C (100 h, 1000 h) and 500 ◦C (100 h)].

Figure 3 shows the SEM-EBSD images that reveal the microstructures at different
locations in the as-built and thermally treated samples (300 and 500 ◦C). The macroscopic
melt-pool structure in the L-PBF-built sample changed minimally upon exposure to 300 ◦C,
even after 1000 h [Figure 3a,c]. Moreover, the stable θ-Al13Fe4 phase that was localized
along the melt-pool boundaries remained unchanged after 1000 h of exposure [Figure 3e,g].
Additionally, the size of the metastable Al6Fe-phase particles located in the melt pools
increased after 100 h of exposure [Figure 3i,j]; moreover, the number density increased
considerably after 1000 h (Figure 3k). The larger volume of the Al6Fe phase is consistent
with the high diffraction intensities observed in the XRD profiles (Figure 2). These results
demonstrate the nucleation and growth of the spherical Al6Fe-phase particles after expo-
sure to 300 ◦C. The quantitative analyses for the spherical Al6Fe phase were described
elsewhere [23]. However, the spherical Al6Fe phase was scarcely found in the sample
exposed to 500 ◦C for 100 h. Although macroscopic melt-pool structures were observed
(Figure 3d), abundant coarse intermetallic-phase particles were present in the melt pools
(Figure 3l) and at the melt-pool boundaries (Figure 3h). The initial leaf-shaped morphology
of the θ phase transformed into a granular or plate-shaped morphology. These granular
Al–Fe intermetallic phases were found in the melt pools.
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Figure 3. SEM images showing microstructures of (a,e,i) pristine and (b–d,f–h,j–l) thermally
exposed L-PBF-built Al–15%Fe alloy samples: (b,f,j) 300 ◦C/100 h, (c,g,k) 300 ◦C/1000 h, and
(d,h,l) 500 ◦C/100 h.

Figure 4 shows the bright-field TEM images that reveal the microstructures in the melt
pools of the as-built and thermally treated samples (300 and 500 ◦C). The nanoscale cellular
structure of the eutectic α-Al/Al6Fe phases, which appeared in the as-built sample, was
scarcely observed in the sample exposed to 300 ◦C for 100 h [Figure 4a,b]; however, various
spherical Al6Fe-phase particles, several hundred nanometers in size, were observed. After
1000 h of exposure, numerous plate-shaped precipitates and spherical Al6Fe-phase particles
were found in the α-Al matrix (Figure 4c). These fine precipitates are consistent with the
SEM observations of the fine particles (Figure 3k). However, the plate-shaped precipitates
were not observed after the exposure to 500 ◦C (Figure 4d). Moreover, many granular
particles appeared to be connected to each other in the α-Al matrix.

 

Figure 4. TEM images showing microstructures in the melt pools of the (a) as-built and (b–d) ther-
mally treated L-PBF-built Al–15%Fe alloy samples: (b) 300 ◦C/100 h, (c) 300 ◦C/1000 h, and
(d) 500 ◦C/100 h.

Selected area electron diffraction (SAED) patterns were subsequently acquired to
identify the phases observed in the thermally exposed samples; the representative results
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are summarized in Figures 5 and 6. Each SAED pattern was captured from enclosed areas
in the corresponding TEM images. For the coarse cellular structures that were locally
observed in the sample exposed to 300 ◦C for 100 h (Figure 5a), the SAED pattern exhibited
a ring diffraction configuration derived from the (222) plane of the Al6Fe phase, indicating
the presence of a relatively coarsened eutectic structure of the α-Al and Al6Fe phases
(Figure 5b). The SAED pattern of the sample exposed to 300 ◦C for 1000 h (Figure 5c),
which was acquired from a relatively coarse precipitate with a plate-shaped morphology,
as shown in Figure 4c, indicated that the incident beam was parallel to the [1–10] direction
of the θ-Al13Fe4 stable phase with a monoclinic structure (Figure 5d). The observed
morphology of the θ phase is consistent with that of the Al–2.5%Fe alloy manufactured
by L-PBF [30]. The SAED pattern captured from the spherical particles that were several
hundred nanometers in size (Figure 5e) revealed a clear diffraction pattern derived from the
Al6Fe phase (Figure 5f). The presence of the spherical Al6Fe metastable phase is consistent
with the XRD results (Figure 2). Numerous granular intermetallic phases, including several
planar faults, were observed in the sample exposed to 500 ◦C for 100 h (Figure 6a). The
corresponding SAED pattern displayed several diffractions derived from the θ phase,
and the observed planar faults appeared to be parallel to the (001) plane of the θ phase
(Figure 6b). These crystallographic features correspond well to the nanosized twins on the
(001) plane in the grown θ phase [31,32]. These results clearly indicate the formation of a
coarse stable θ phase in equilibrium with the α-Al phase. Additionally, the granular Al6Fe
phases remained localized, even after exposure to 500 ◦C for 100 h (Figure 6c,d).

 

Figure 5. (a,c,e) Bright-field TEM images and (b,d,f) the corresponding SAED patterns of (a,b) pristine
and (c–f) thermally exposed L-PBF-built samples (300 ◦C/1000 h).
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Figure 6. (a,c) Bright-field TEM images showing the intermetallic phases distributed in the melt pool
and the corresponding (b,d) SAED patterns of an L-PBF-built Al–15%Fe alloy sample exposed to
500 ◦C for 100 h.

The aforementioned results indicate that in the samples exposed to 300 ◦C, the fine
metastable Al6Fe-phase particles in the eutectic cellular structure dissolve in the α-Al
matrix; this is followed by the growth of the spherical metastable Al6Fe-phase particles and
the precipitation of the stable θ phase in the α-Al matrix. The growth of the stable θ phase
is more pronounced at 500 ◦C. Moreover, the interface between the θ and Al6Fe phases was
scarcely observed in the samples exposed to the different temperatures, suggesting that
the stable θ phase nucleated in the α-Al matrix containing the Fe solute, rather than at the
interface of the metastable Al6Fe phase with the α-Al matrix.

Figure 7 shows the changes in the Vickers hardness of the L-PBF-built Al–15%Fe alloy
samples after the exposure to different temperatures. The as-built sample exhibited a high
hardness of ~200 HV. The hardness decreased moderately with the increasing duration of
the exposure to 300 ◦C. The slight reduction in hardness of these specimens is consistent
with the gradual microstructural changes observed by SEM and TEM (Figures 3 and 4).
However, the hardness of the specimen exposed to 500 ◦C significantly decreased to
below 140 HV after 1 h and then continuously decreased to ~100 HV. This tendency is
in good agreement with the significant change in microstructural features observed in
Figures 3 and 4 through the replacement of the metastable Al6Fe phase with the stable
θ phase.

Figure 7. Changes in hardness of the L-PBF-built Al–15%Fe alloy samples as a function of exposure
time at 300 and 500 ◦C.
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3.3. Changes in α-Al Matrix at Elevated Temperatures

To examine the variations in the microstructural characteristics of the α-Al matrix in
the specimens during their high-temperature exposure, the as-built and thermally exposed
samples were subjected to an EBSD analysis. Figure 8 shows the orientation distribution
maps of the fcc-structured α-Al matrix in the as-built and thermally treated specimens. In
these maps, orientations parallel to the build direction are colored according to the attached
unit triangle of the inverse pole figure. Several elongated grains with widths of a few tens
of micrometers were predominantly formed in the as-built sample and were surrounded by
high-angle grain boundaries with large misorientations (>15◦); fine-grained microstructures
(including unanalyzed areas) were also locally observed (Figure 8a). A comparison of the
SEM-observed locations with the EBSD-analyzed areas revealed that the fine-grained
regions were typically located inside the melt pools. The finely solidified Al6Fe phases
likely promoted nucleation during the solidification, resulting in local formation of the fine-
grained α-Al phase. These microstructural morphologies remained almost unchanged even
after 1000 h of exposure at 300 ◦C [Figure 8b,c]; nevertheless, relatively equiaxed grains were
often observed. Additionally, the density of the low-angle boundaries (with misorientations
smaller than 15◦) decreased after the exposure. It is worth noting that a few equiaxed grains,
several micrometers in size, were formed inside the local fine-grained regions (indicated
by the arrowheads in Figure 8c), suggesting the occurrence of recrystallization at elevated
temperatures. This trend was more evident in the sample exposed to 500 ◦C (Figure 8d),
which resulted in the formation of a relatively homogenous microstructure in the α-Al
matrix. The grain size ranged from approximately 1 to 10 μm. Grain boundary migration
was suppressed by the pinning effect of the fine Al–Fe intermetallic phases dispersed in
the α-Al matrix (Figure 3), which led to a relatively fine-grained microstructure even after
exposure to 500 ◦C for 100 h (Figure 8d).

Figure 8. EBSD orientation maps of the fcc-structured α-Al matrix in the (a) as-built and (b–d) ther-
mally exposed samples: (b) 300 ◦C/100 h, (c) 300 ◦C/1000 h, and (d) 500 ◦C/100 h. The fine lines
correspond to misorientations (θ) of 2◦ < θ < 15◦, whereas the bold lines represent θ > 15◦.

Figure 9 shows the variations in the lattice parameter of the α-Al matrix in the ther-
mally treated samples (300 and 500 ◦C) as a function of the exposure time. The lattice
parameters were calculated using the XRD profiles shown in Figure 2. The scatted values
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of the measured lattice parameters suggest the inhomogeneous distribution of a solute Fe
element in the α-Al matrix due to the complicated microstructures of the L-PBF-processed
Al–15%Fe alloy samples. The lattice parameter of the as-built sample was ~0.405 nm,
whereas that of the thermally treated specimens increased with the increasing exposure
time and almost stabilized at ~0.406 nm. This trend was observed for both sets of the ther-
mally exposed specimens (300 and 500 ◦C). The atomic radius of Fe (0.127 nm) is smaller
than that of Al (0.143 nm) in the fcc structure [33]. Therefore, the observed increase in the
lattice parameter could be due to the reduction in the Fe solute in the α-Al matrix upon
exposure to elevated temperatures. The saturated value of the lattice parameter (~0.406 nm)
is equivalent to that of the fully melted and slowly solidified samples of the used Al–15%Fe
alloy powder [21] that solidifies at a low cooling rate of ~0.3 ◦C/s [34]. These results
suggest that the Fe solute content almost achieved an equilibrium state after prolonged
thermal exposure. Intriguingly, all the measured lattice parameters of the used Al–15%Fe
alloy samples were greater than that of pure Al (0.40493 nm). The large lattice parame-
ters of the α-Al phase in the L-PBF-built Al–15%Fe samples were presumably due to the
presence of O solute atoms positioned at interstitial sites in the fcc structure. Composition
analyses [20,21] have revealed that the alloy powder contains ~0.25–0.3 mass% O, which
indicates that a thin oxide layer is present on the investigated alloy powder particles. These
oxide films could dissolve in the alloy melts during L-PBF. STEM characterization [21]
has revealed that nanoscale oxide particles can be formed in the microstructure of as-built
samples; however, the O content may be partially disbursed in the α-Al phase during
solidification, resulting in the expanded lattice in the investigated L-PBF-built samples.
A similar trend has been found in Al–2.5%Fe binary alloy samples [35]. However, direct
evidence concerning the presence of O solute in the α-Al phase has not been obtained.
Therefore, additional characterization experiments must be performed to clarify the state
in which O exists in L-PBF-processed Al alloys.

Figure 9. Changes in lattice parameter of the L-PBF-built Al–15%Fe alloy samples as a function of
exposure time.

4. Conclusions

Variations in the refined Al–Fe intermetallic phases and microstructure of the α-Al
matrix in an L-PBF-built Al–15%Fe alloy upon exposure to intermediate temperatures (300
and 500 ◦C) were examined. The key findings are summarized below.

• The microstructure of the as-built sample had a stable θ-Al13Fe4 phase localized along
the melt-pool boundaries as well as numerous particles of the metastable Al6Fe phase
surrounded by a nanoscale α-Al/Al6Fe cellular structure in the melt pools. The
morphology of the θ phase remained almost unchanged even after 1000 h of exposure
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at 300 ◦C. The cellular-structured Al6Fe phase dissolved in the α-Al matrix, which
was followed by the growth of Al6Fe-phase particles and the precipitation of the θ

phase. The growth of the θ phase was more pronounced at the higher investigated
temperature (500 ◦C).

• Numerous elongated grains with widths of a few tens of micrometers were observed in
the α-Al microstructure of the as-built sample, in addition to locally present fine grains.
Relatively equiaxed grains were often formed after exposure to 300 ◦C, particularly in
the fine-grained regions. This tendency was more evident at the higher temperature
of 500 ◦C, which led to the formation of a homogenous microstructure. The lattice
parameter of the α-Al matrix increased with increasing exposure time, and almost
stabilized at ~0.406 nm. The lattice expansion could be associated with the reduction
of the Fe solute, which has a smaller atomic radius than that of Al.
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Abstract: High-strength aluminium alloy powders modified with different nanoparticles by ball
milling (7075/TiC, 2024/CaB6, 6061/YSZ) have been investigated in-situ during rapid solidification
by differential fast scanning calorimetry (DFSC). Solidification undercooling has been evaluated and
was found to decrease with an increasing number of nanoparticles, as the particles act as nuclei for
solidification. Lower solidification undercooling of individual powder particles correlates with less
hot cracking and smaller grains in the material produced by powder bed fusion of metals by a laser
beam (PBF-LB/M). Quantitatively, solidification undercooling less than about 10–15 K correlates
with almost crack-free PBF-LB/M components and grain sizes less than about 3 μm. This correlation
shall be used for future purposeful powder material design on small quantities before performing
extensive PBF-LB/M studies.

Keywords: PBF-LB/M; aluminium alloys; hot cracking; rapid solidification; differential fast scanning
calorimetry; undercooling; grain size; crack density

1. Introduction

Powder bed fusion of metals by a laser beam (PBF-LB/M) is a very attractive produc-
tion process due to its high flexibility and a high degree of geometrical freedom. Local
microstructures and properties of PBF-LB/M components are strongly influenced by pro-
cess inherent complex temperature/time profiles with multiple rapid melting/solidification
cycles and multiple rapid heating/cooling cycles. Considering lightweight applications,
PBF-LB/M is very promising for high-strength aluminium alloys. Unfortunately, PBF-
LB/M of high-strength aluminium alloys is strongly affected by hot cracking. When cooling
along the relatively large solidification intervals (e.g., about 80 K in equilibrium for alloy
7021 [1]), the remaining melt is encapsulated between the growing dendrites. During the
final solidification, these melt areas shrink. If this shrinkage cannot be accommodated
by deformation of the surrounding solid network, hot cracks can occur [2–4]. One suc-
cessful approach to overcome hot cracking during PBF-LB/M of high-strength aluminium
alloys is the addition of high melting point nanoparticles to the aluminium alloy pow-
ders. Aluminium alloy powder particles for PBF-LB/M are typically in the 10–60 μm
range. Throughout the whole paper, we will consequently differentiate between the terms
“nanoparticles” for the additives and “particles” for the PBF-LB/M powders. Ball milling is
one suitable method to add the nanoparticles to the aluminium powder. These nanoparti-
cles act as solidification nuclei and suppress hot cracking. Table 1 gives an overview about
several successful investigations regarding utilised aluminium alloys and nanoparticles. In
some cases, the added nanoparticles act as nuclei themselves, and in other cases (Zr, Ti), the
nanoparticles first react with the aluminium melt to form intermetallic compounds (Al3Zr,
Al3Ti), which then act as nuclei.
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In all these investigations, the nanoparticle types have been carefully chosen by
suitable low crystal lattice mismatch between nuclei and aluminium matrix. However, the
nanoparticles sizes, amounts and addition methods have been selected based on extensive
experimental PBF-LB/M studies, requiring large amounts of modified powders (typically
several kilograms). Our objective is to design promising powder modifications in small
quantities (a few grams) before performing extensive PBF-LB/M studies. Therefore, we
analyse the rapid melting/solidification behaviour of the modified powders in-situ by
calorimetry. Especially differential fast scanning calorimetry (DFSC) with sample sizes of a
few 10 μm particles (equivalent to PBF-LB/M powder particle sizes) and heating/cooling
rates of up to 106 K/s (equivalent to PBF-LB/M processes) is a suitable method [5]. In detail,
rapid solidification conditions of single powder particles by DFSC differ from those in PBF-
LB/M melt pools with dimensions in the several 100 μm ranges, where numerous powder
particles are molten simultaneously. Nevertheless, we presume, that the main solidification
behaviour can be approximated. Rapid solidification characteristics, e.g., undercooling,
will then be correlated with grain sizes and crack characteristics in belonging PBF-LB/M
components. This correlation shall be used for future purposeful powder material designs
tailored for PBF-LB/M.

Table 1. Overview of several successful investigations regarding used aluminium alloys and nanoparticles.

Reference Al Alloy Nanoparticles

Gu et al., 2014 [6] AlSi10Mg TiC
Martin et al., 2017 [7] 7075 Zr → Al3Zr

Tan et al., 2020 [8] 2024 Ti → Al3Ti
Zhao et al., 2020 [9] 5024 TiC
Xi et al., 2020 [10] AlSi10Mg TiB2

Opprecht et al., 2020 [11] 6061 YSZ * (60 nm) → Al3Zr
Zhuravlev et al., 2021 [5] 7075 TiC (40 nm)
Heiland et al., 2021 [12] 7075 TiC (40 nm)

Mair et al., 2022 [13] 2024 CaB6 (200 nm)
* Yttrium stabilized zirconia Zr(1−x)YxO2.

2. Materials and Methods

Table 2 contains the investigated aluminium alloys, nanoparticles and references.
Nanoparticle amounts have been varied between zero and a few mass %. The rapid
melting/solidification behaviour of several aluminium powders modified by different
nanoparticles has been analysed in-situ by DFSC. Figure 1 shows a schematic DFSC sensor
(side view) as well as a light microscope image (top view). The samples are individual
powder particles with diameters of about 20 μm. Heating and cooling rates of 104 K/s and
maximum temperatures up to 823 ◦C have been used. DFSC measurements require careful
temperature correction related to suitable reference temperatures. Details on measurement
and evaluation have been published in [5]. Figure 2b shows three typical DFSC heating and
cooling curves on alloy 2024 at a rate of 104 K/s without and with CaB6 nanoparticles. The
three bottom curves (endothermal) belong to melting. During rapid heating, we can see
incipient melting slightly above 500 ◦C and a continuous ongoing melting up to melting
finish at about 700 ◦C almost identical for all three variants. Melting finish depending on
the heating rate has been extrapolated to heating rate zero, i.e., liquidus temperature [5] and
is taken as reference temperature for undercooling (Tm,0 = 638 ◦C dashed line). The three
upper curves (exothermal) belong to solidification. Solidification of 2024 starts about 570 ◦C,
i.e., undercooling amounts about 70 K, whereas solidification of 2024/0.3% CaB6 starts
about 610 ◦C, i.e., undercooling amounts only about 30 K. In this example, the decrease
of undercooling due to the nanoparticles is about 40 K. For the variant 2024/0.5% CaB6
rapid solidification starts almost without any undercooling. Figure 2a,c shows very similar
behaviour in DFSC of single particles from alloys 7075/TiC and 6061/YSZ. Nanoparticle
addition decreases solidification undercooling.
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Table 2. Investigated aluminium alloys, nanoparticles and references.

Reference Al-Alloy Nanoparticles, Amount NP Deposition DFSC Rate

Zhuravlev et al., 2021 [5] 7075 TiC 40nm 0–0.5 mass % ball milling wet deposition 104 K/s

Heiland et al., 2021 [12] 7075 TiC 40 nm 0–2.5 mass % ball milling 104 K/s

this work 7021 TiC 40 nm 0–1.75 mass % ball milling 104 K/s

this work 7021 TiB2 50 nm 0–1.75 mass % ball milling 104 K/s

Mair et al., 2022 [13] 2024 CaB6 200 nm 0–2 mass % ball milling 104 K/s

Opprecht et al., 2020 [11] 6061 YSZ 60 nm 0–4 volume % * ball milling 103 K/s

* Density of YSZ is about 6 g/cm3, i.e., roughly double the density of aluminium.

 

Figure 1. Schematic of the DFSC sensor (side view) as well as a light micrograph (top view) [5].

Whereas the rapid melting curves of 2024/CaB6 and 6061/YSZ (Figure 2b,c) are very
similar, they differ for 7075/TiC (Figure 2a). This effect can arise from slightly different
powder particle masses, from slightly different powder particle positions on the sensor and
from different thermal contacts between powder particles and sensors. All DFSC curves
have been temperature corrected accordingly [5], i.e., rapid solidification onset can be
determined properly.

Each powder variant without and with nanoparticles has been analysed by DFSC
on several individual powder particles. On each individual powder particle, several
repeated heating/cooling cycles have been performed. Previous work has shown, that up
to 300 repeated heating/cooling cycles can be performed on one individual aluminium
powder particle without changing its melting/solidification behaviour [14]. Table 3 contains
the number of analysed particles, number of repetitions per particle and the numbers
of evaluated DFSC experiments for each variant. Typical undercooling scatter ranges
from about ±20 K for high undercooling without nanoparticles to about ±2 K for low
undercooling with nanoparticles.

Table 3. Numbers of analysed particles, numbers of repetitions per particle and numbers of evaluated
DFSC experiments for each variant.

Alloy/Nanoparticles
Numbers of Analysed

Particles
Numbers of Repetitions per

Particle
Numbers of Evaluated DFSC

Experiments

7075/TiC at least 5 about 60 about 300

2024/CaB6 at least 3 about 75 about 225

6061/YSZ at least 15 about 10 about 150

Exactly the same nanoparticle-modified powder batches as in DFSC were used in PBF-
LB/M processes. PBF-LB/M results and parameters are given in the references [5,11–13].
Additionally, the two powder variants 7021/TiC and 7021/TiB2 have been investigated
with both methods in this work. Here, PBF-LB/M took place on an SLM 250HL machine
(SLM Solutions Group AG, Lübeck, Germany), equipped with a YLM-400-WC Laser (IPG
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Photonics, Oxford, MA, USA) by the following parameters: layer thickness 0.05 mm, hatch
distance 0.08 mm, scan rate 900 mm/s, laser power 370 W, resulting in volume energy of
102.8 W/mm3. The specimens were fabricated under an argon atmosphere with a residual
oxygen level of approximately 2000 ppm. Own data from [5,12] has also been re-evaluated
regarding the above parameter set, i.e., all results on 7075 and 7021 shown below originate
from identical PBF-LB/M parameters.

(a) 

(b) 

(c) 

μ

exo^

Tm,0

μ

exo^

Tm,0

μ

exo^

Tm,0

Figure 2. Exemplary DFSC heating and cooling curves (a) alloy 7075 without and with TiC nanopar-
ticles, rate 104 K/s. (b) Alloy 2024 without and with CaB6 nanoparticles, rate 104 K/s. (c) alloy 6061
without and with YSZ nanoparticles, rate 103 K/s. The vertical axis shows heat capacity in μJ/K,
exothermal reactions upwards.
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As-build samples have been analysed regarding grain size and crack characteristics
by metallographic methods. The metallographic methods are also described in the refer-
ences [5,11–13]. In these experiments, cracks have been described by different measures,
i.e., crack density determined on cross sections by light microscopy [5,12], crack volume
determined by X-ray microtomography [13] and total crack length per area determined
on cross sections by light microscopy [11]. To compare these different crack measures, we
suggest a crack characteristic value C, which is defined by the ratio of the crack measure
with nanoparticles to the maximum crack measure without nanoparticles, equations (1–3).
In further evaluation, we propose that these crack characteristic values CD, CV and CL can
be directly compared, i.e., we call them just crack characteristic value C. By this definition
the crack characteristic value C can exist in the range of 0 to 1, with C = 0 meaning complete
crack suppression by nanoparticles and C = 1 meaning no change in cracking with nanopar-
ticles. This relative crack characteristic C can be used to compare different crack measures,
different aluminium alloys, different nanoparticles and different PBF-LB/M processes.

CD =
(crack density)with NP

(crack density)without NP
(1)

for 7075/TiC, 7021/TiC, 7021/TiB2 data from [5,12] and this work

CV =
(crack volume)with NP

(crack volume)without NP
(2)

for 2024/CaB6, data from [13].

CL =
(total crack length)with NP

(total crack length)without NP
(3)

for 6061/YSZ, data from [11].
Single rapidly solidified particles from DFSC were analysed by SEM and TEM. The

metallographic preparation route for SEM analysis of such small and individual powder
particles has been developed as described in [15]. For TEM investigations of solidified
particles, the particles were first embedded in epoxy, then a FEI Helios G4 focused ion beam
(FIB) instrument was used to cut a thin section through the particle using the standard
lift-out approach. A double aberration corrected JEOL ARM-200F was used for scanning
transmission electron microscopy (STEM) and elemental mapping of the particle surface
with electron energy loss spectroscopy (EELS).

3. Results and Discussion

DFSC solidification undercooling and PBF-LB/M crack characteristics C, as well as
grain size have been investigated for each individual variant of aluminium alloy, nanopar-
ticle type and nanoparticle amount according to Table 2. All powder variants will be
compared in terms of crack characteristics C, grain size and solidification undercooling.

3.1. Correlation between Crack Characteristics C and Solidification Undercooling

Figure 3 shows the correlation between crack characteristics C and solidification under-
cooling. Each individual point displays crack characteristics and solidification undercooling
for one powder variant. Results from the same aluminium alloy/nanoparticle system with
different nanoparticle amounts are plotted in the same colour. Data points are labelled with
the belonging nanoparticle amounts in mass %. In most cases, undercooling, as well as
crack characteristics decrease with increasing nanoparticle amount. The only exception
is the powder variant 7021/TiB2, which even at a high amount of 1.75 mass % reduced
undercooling only to 16 K and crack characteristic value only to about 0.4.
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Figure 3. Correlation between crack characteristics C and solidification undercooling. Data points
are labelled with the belonging nanoparticle amounts in mass %. Relative crack characteristics of
2024/CaB6 and 6061/YSZ have been calculated from [11,13].

In Figure 4, we have added arrows as a guide for the eye, each arrow belonging
to one aluminium alloy/nanoparticle system. Now it can be clearly seen, that crack
characteristic C decreases with decreasing undercooling for all variants. For a given alu-
minium alloy/nanoparticle system, undercooling decreases with an increasing number of
nanoparticles. The effect of undercooling on crack characteristics depends on the individual
aluminium alloy/nanoparticle system, which can be explained by the different PBF-LB/M
machines and parameters as well as crack measures used. In the bottom left corner of
the diagram, we find a successful process window relative consistent for all investigated
variants. A low solidification undercooling of less than about 10–15 K in DFSC (at a cooling
rate of 104 K/s) correlates with almost crack-free PBF-LB/M components. This correlation
can be used in future for the purposeful design of powder materials in small quantities (a
few grams) before conducting extensive PBF-LB/M studies.

Figure 4. Correlation between crack characteristics C and solidification undercooling with arrows as
guides for the eye. Relative crack characteristics of 2024/CaB6 and 6061/YSZ have been calculated
from [11,13].

3.2. Correlation between Grain Size and Solidification Undercooling

Figure 5 shows the correlation between grain size and solidification undercooling. Each
individual point displays grain size and solidification undercooling for one powder variant.
Please have in mind, that grain sizes result from PBF-LB/M samples and therefore can be
larger than the individual powder particles in DFSC. Results from the same aluminium
alloy/nanoparticle system with different nanoparticle amounts are plotted in the same
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colour. Like crack characteristic C, grain size decreases with decreasing undercooling,
proving that the nanoparticles are responsible for efficient inoculation. Besides decreasing
grain size, also grain geometry changes from columnar to equiaxed with the increasing
number of nanoparticles [5,11–13]. In the case of columnar grains, the column widths
have been plotted in Figure 5. Column lengths have grown even larger in the range of
several 100 μm. In the bottom left corner of the diagram, we find again a successful process
window relative consistent for all investigated variants. A low solidification undercooling
of less than about 10–15 K in DFSC (at a cooling rate of 104 K/s) correlates with low grain
sizes of less than about 3 μm.

Figure 5. Correlation between grain size and solidification undercooling. Grain sizes of 2024/CaB6

and 6061/YSZ have been adopted from [11,13].

3.3. Correlation between Crack Characteristics C and Grain Size

Finally, we have correlated crack characteristics C and grain size independent of the
alloy/nanoparticle system (Figure 6). Some data points crack characteristic/grain size
overlap in this diagram and have been marked accordingly (2×, 4×). As expected, crack
characteristic C decreases with decreasing grain size. Moreover, in this diagram we find
a successful process window in the bottom left corner which is relatively consistent for
all investigated variants. Low grain size of less than about 3 μm correlates with almost
crack-free PBF-LB/M components. As mentioned above, grain shape changes concurrently
with grain size from large columnar grains to small equiaxed grains.

This correlation is in good agreement with the accepted mechanism of hot cracking
during solidification [2–4]. Large columnar dendrites form a solid network early during
solidification, which encloses the remaining encapsulated melt volumes. During further
solidification of these encapsulated melt volumes, their shrinkage cannot be sufficiently
accommodated by the deformation of the solid network and hot cracking occurs in these
places. Small equiaxed dendrites form such a solid network significantly later during
solidification. The remaining melt volumes are not encapsulated early. Instead, they are
interconnected and can balance volume shrinkage. This correlation confirms our presented
approach, to use DFSC on small quantities (a few grams) for future purposeful design of
powder materials for crack-free PBF-LB/M components.
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Figure 6. Correlation between crack characteristics C and grain size. Arrow indicates concurrent
change from large columnar to small equiaxed grains. Some data points overlap in this diagram and
have been marked accordingly (2×, 4×).

3.4. Efficiency of Nanoparticle Inoculation

Further, we make an estimation of the inoculation efficiency of nanoparticles on pow-
der particle surfaces during PBF-LB/M. Table 4 gives the necessary amounts of nanopar-
ticles for successful PBF-LB/M to suppress hot cracks in the present work, as well as
from [10,12]. In many cases, about a few mass % of nanoparticles are required. The follow-
ing calculation illustrates the consequences. Let us assume a typical aluminium particle
diameter for PBF-LB/M of dp = 40 μm and a typical nanoparticle dimension of dnp = 40 nm
(Table 2). Let us further assume a continuous monolayer of nanoparticles on the aluminium
powder particle surface (Figure 7 left). In this case, the content of nanoparticles cnp in mass
% can be approximated by Equation (4) considering the particle density ρp = 2.7 g/cm3

(aluminium) and the nanoparticle density ρnp = 4.9 g/cm3 (TiC).

cnp =
ρnp

ρp
·
(
dp + 2·dnp

)3 − d3
p

d3
p

(4)

Table 4. The necessary content of nanoparticles for successful PBF-LB/M to suppress hot cracks.

Reference Alloy/Nanoparticles
Necessary Amount of

Nanoparticles

this work 7075/TiC 1.75 mass %

this work 7021/TiC 1 mass %

Mair et al., 2022 [13] 2024/CaB6 0.5 mass %

Opprecht et al., 2020 [11] 6061/YSZ 2 volume % *

* Density of YSZ is about 6 g/cm3, i.e., roughly double the density of aluminium.
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schematic 

7075/TiC 

Figure 7. (Left) Schematic of a monolayer of nanoparticles. (Middle) Surface of a powder parti-
cle 7075/TiC. (Right) Cross section of an individual powder particle 7075/TiC, rapidly solidified
by DFSC.

Under the mentioned assumptions, one monolayer of TiC nanoparticles on aluminium
alloy 7075 particles equals an amount of about 0.6 volume%, corresponding to about
1.0 mass % nanoparticles. Figure 7 (middle) shows an SEM image of the surface of a
7075/TiC powder particle with 1 mass % TiC. The powder particle surface is almost
completely covered by nanoparticles, which proves that the above approximation is realistic.
We can see some gaps, but in other areas, the nanoparticles build multilayers. Next, we
estimate the number of nanoparticles Nnp in the monolayer according to Equation (5).

Nnp =

(
dp + 2·dnp

)3 − d3
p

d3
np

(5)

This estimation results in about 106 nanoparticles per aluminium powder particle, i.e.,
about 106 potential nuclei for solidification. For comparison, Figure 7 (right) shows a SEM
image of a metallographic cross section of one individual powder particle of 7075/TiC with
a diameter of about 20 μm, solidified by DFSC with a cooling rate of 104 K/s. The dendrite
arm size respectively grain size amounts to a few μm and corresponds very well to the
grain size in crack-free PBF-LB/M components (Figure 6). This is another indication, that
rapid single-particle solidification by DFSC resembles melt pool conditions in PBF-LB/M.
In Figure 7 right, we can only very roughly guess the number of efficient solidification
nuclei, especially because we see a certain number of dendrite arms, but we do not know
their crystal orientation. However, even if we very generously guess the number of active
nuclei to be in the order of 10 to 100, we can conclude on a very low nucleation efficiency
of about 10−5 to 10−4 for such nanoparticles added by ball milling.

The reason for this low nucleation efficiency is unclear at the moment. One assumption
is, that the nanoparticles added by ball milling stick to the relative stable natural oxide layer
of the aluminium powder particles, which may hinder direct contact with the aluminium
melt. This assumption is supported by the STEM/EELS cross-section image in Figure 8,
which has been prepared from a single 7075/TiC particle after rapid solidification by DFSC.
We can clearly see the TiC nanoparticles with dimensions of about 40 nm as well as the oxide
layer in between. This assumption needs further investigation, but in case it is realistic, it
would require other, more effective inoculation methods, i.e., adding nanoparticles inside
the powder particle volumes [16]. This could drastically reduce the number of nanoparticles
required to achieve a reduced solidification undercooling.
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Figure 8. STEM/EELS cross section image, which has been prepared by FIB from a single 7075/TiC
particle after rapid solidification by DFSC.

4. Conclusions

Different high-strength aluminium alloy powders modified with different nanopar-
ticles by ball milling (7075/TiC, 2024/CaB6, 6061/YSZ) have been investigated in-situ
during rapid solidification by DFSC. Solidification undercooling has been evaluated and
was found to decrease with increasing number of nanoparticles. Solidification undercool-
ing from DFSC was compared with PBF-LB/M results from the same powder batches
regarding hot cracking and grain size. Low solidification undercooling correlates with little
hot cracking and small grains. Quantitatively, solidification undercooling less than about
10–15 K correlates with almost crack free PBF-LB/M components and grain sizes less than
about 3 μm. This correlation will be used for future purposeful powder material design on
small quantities before performing extensive PBF-LB/M studies.

Nanoparticles added on powder particle surfaces by ball milling exhibit a very low
nucleation efficiency during rapid solidification in the range of 10−5 to 10−4 (active nuclei
related to total number of nanoparticles). The reason for this low nucleation efficiency
shall be further investigated and other inoculation methods instead of ball milling shall be
considered for higher nucleation efficiency such that the amount of added nanoparticles
can be greatly reduced while retaining the improved properties of PBF-LB/M components.
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Abstract: The great interest, within the fields of research and industry, in enhancing the range and
functionality of polymer powders for laser powder bed fusion (LB-PBF-P) increases the need for
material modifications. To exploit the full potential of the additivation method of feedstock powders
with nanoparticles, the influence of nanoparticles on the LB-PBF process and the material behavior
must be understood. In this study, the impact of the quantity and dispersion quality of carbon
nanoparticles deposited on polyamide 12 particles is investigated using tensile and cubic specimens
manufactured under the same process conditions. The nano-additives are added through dry
coating and colloidal deposition. The specimens are analyzed by tensile testing, differential scanning
calorimetry, polarized light and electron microscopy, X-ray diffraction, infrared spectroscopy, and
micro-computed tomography. The results show that minute amounts (0.005 vol%) of highly dispersed
carbon nanoparticles shift the mechanical properties to higher ductility at the expense of tensile
strength. Despite changes in crystallinity due to nano-additives, the crystalline phases of polyamide
12 are retained. Layer bonding and part densities strongly depend on the quantity and dispersion
quality of the nanoparticles. Nanoparticle loadings for CO2 laser-operated PBF show only minor
changes in material properties, while the potential is greater at lower laser wavelengths.

Keywords: laser powder bed fusion; polyamide 12; nanocomposites; nanoparticles; dispersion;
LB-PBF; mechanical properties; additively manufactured parts

1. Introduction

For over 30 years, Additive Manufacturing (AM) has been known for its ability to
produce customized parts of high complexity and resolution [1]. Next to the AM of
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inorganic materials [2,3], laser-based powder bed fusion of organic polymers (LB-PBF-
P, according to ISO/ASTM 52911-2:2019) has experienced increased interest in terms of
research and development over the last decade [4]. However, AM still requires a lot of
operator know-how as many external and internal variables influence the process, e.g.,
feedstock material [5] or build orientation [6]. In this regard, the interplay of parameters
related to the laser source, such as laser power, laser beam diameter, laser scanning speed,
and hatch distance, with machine-related parameters, such as powder layer height, process
temperature, and recoating speed, is crucial for the successful manufacture of dimensionally
accurate three-dimensional parts. The most common way to combine the most important
process parameters is the volume energy density [4,7].

Next to the process parameters, first and foremost, bulk solid properties affect the
packing density, the flowability and, thus, the spreadability during the AM process [8,9]. If
the adaptation of process parameters reaches its limits, the additivation of the base polymer
powder with nanomaterials provides a promising tool to steer the material properties
in a certain direction or to add new functionalities, e.g., electrical conductivity or mag-
netism [4,10]. The most common examples of nano-additives for PA12 are carbon-based
materials due to their vast availability and attractive properties [4,11,12]. Interestingly, the
results of studies on carbon additivation reported in the literature differ significantly for
LB-PBF-P. On the one hand, the addition of carbon nanomaterials led to a degradation
of mechanical properties under the same process conditions [13–15], while, on the other
hand, major improvements were reported [16–19]. However, these improvements mainly
correlate with the anisotropic properties of the nanofillers, e.g., carbon nanotubes and fibers,
or the optimization of process strategies to improve the processability and the densification
of final parts. In this context, a good dispersion of the nanomaterial on the polymer particle
is essential to avoid heat accumulation at agglomerate positions and, thus, impairment of
mechanical properties [4,15,18]. The quality of the dispersion depends on many influencing
factors, for example, the chemical nature of the nano-additives [20], their dosage [21,22],
the additivation method [23], and the preparation method of the nanocomposites [15].

While studies have already discussed the importance of a good dispersion for nano-
additives on polymer particles [24], a comparative evaluation between different dispersion
qualities is still missing, especially for LB-PBF of polymer composites with nanoparticle
quantities below 0.1 vol%. Our study closes this gap by processing PA12 powder com-
posites modified with carbon nanoparticles (CNP) [23] into three-dimensional specimens
to analyze the influence of two additivation methods of different dispersion qualities on
the process and material behavior. In order to gain an initial insight into the influence of
another nanoparticle group on the LB-PBF-P process and the mechanical part properties,
PA12 specimens with 0.05 vol% colloidally additivated silver nanoparticles (Ag-NP) [20]
were manufactured and mechanically tested analogously to PA12/CNP. The results of this
study provide a deeper understanding of the importance of the dispersion quality of minute
amounts of nanoparticles and its impact on the LB-PBF-P process and the part qualities.

2. Materials and Methods

2.1. Nano-Additivation Process

The adhesion of CNP (CARBON BLACK, Orion Engineered Carbons) onto PA12
powder (EVONIK VESTOSINT 1115, Evonik Industries, Essen, Germany) was achieved by
dry coating (DC) and colloidal additivation (Coll) [23,25]. The polymer powder particles
are potato-shaped due to their formation through precipitation from ethanol under pres-
sure [26]. The influence of nano-additivation on the polymer shapes is discussed in-depth
in [27]. For dry coating, the polymer powder was mixed with CNP powder in a rotating
drum for 2 h and then sifted with a 125 μm sieve. For the colloidal deposition process, CNP
powder was dispersed in deionized water (washed) by ultrasonic treatment (50 mg/L),
followed by laser irradiation with a 10 ps-laser at a wavelength of 532 nm (Edgewave
PX400-3-GH, Würselen, Germany, 80 kHz, 30 W, 150 mJ/cm2, 375 μJ/pulse, 0.25 mm2

spot size) in a liquid jet setup [25] and finally mixed as a colloid with an aqueous PA12

106



Materials 2021, 14, 5322

suspension (50 g/L) [28]. Finally, the colloidal suspension was stirred for 5 min, filtered,
dried (24 h at 50 ◦C), and sifted using a 125 μm sieve. Silver nanoparticles were only
added colloidally to PA12 [29,30] for an initial comparison between organic and inorganic
nanomaterials, and are discussed in more detail in [20,31].

2.2. Polymer Powder Characterization

Since the size and shape of polymer powder particles have a significant influence
on the structure and properties of manufactured parts [32], the different PA12 powder
compositions with CNP and Ag-NP were analyzed and characterized by measuring the
Hausner ratio, utilizing dynamic image analysis (Camsizer X2, Microtrac Retsch, Haan,
Germany) and a ring shear tester (RST-XS, Dietmar Schulze Schüttgutmesstechnik, Wolfen-
büttel, Germany) at a pre-consolidation stress of 1 kPa within a small ring shear cell
(V = 31 cm3) [20,23]. An evaluation of the flowability with the Hausner ratio is limited due
to its low methodological sensitivity and lack of transferability to the powder application
procedure in LB-PBF-P [27]. Therefore, ring shear tests deliver more reliable results, as
this method is more sensitive to small changes in powder composition [33,34]. Additional
measurements of PA12/CNP and PA12/Ag were performed three times to complete the
powder characteristics under the same conditions as previous studies [20,23]. Since only
the colloidal additivation was accompanied by a preceding washing step of PA12 pow-
der, comparisons were made with washed and as-received PA12 powder, accordingly.
Two-sample t-tests were performed to assess the statistical significance.

2.3. Thermal Analysis by Differential Scanning Calorimetry (DSC)

Previous studies analyzed the pure PA12 powder and the additivated powder with
CNP and Ag-NP by dynamic DSC (DSC 822e, Mettler Toledo, Columbus, OH, USA) [20,23].
This way, the process temperatures for LB-PBF-P were estimated. After processing the
powders in LB-PBF-P (see Section 2.4), cut-up pieces from the center of the manufactured
square plates of the different PA12 powder compositions were heated from 25 ◦C to
230 ◦C at a rate of 10 K/min to determine the melting temperatures, enthalpies, and
crystallinities. The crystallinity Xc of the processed samples was calculated according to
Equation (1) [35,36]:

Xc =
ΔHm

ΔH100·
(

1 − w f

) =
ΔHm

209.3 J
g ·
(

1 − w f

) (1)

the heat of fusion of the sample ΔHm was extracted from the measurements; the heat of
fusion ΔH100 of 100% crystalline PA12 is found in the literature [37]. The parameter w f
gives the weight percentage of nanoparticles in the composite. Each sample was analyzed
three times, leading to a total of 18 runs. The evaluation of the results was performed with
the Mettler Toledo STARe Evaluation Software 16.10 (Columbus, OH, USA). The integral
tangential baseline was used for the calculation of the relevant enthalpies. Two-sample
t-tests were performed to include the statistical significance.

2.4. Laser Powder Bed Fusion of Polymers (LB-PBF-P)

Process development of powder bed fusion was conducted with a CO2 laser-based
LB-PBF-P machine (Eosint P385, EOS, Krailling, Germany) of 0.6 mm beam diameter
at the working plane. The coater speed was set to 50 mm/s to ensure a smooth and
homogeneous powder surface. Pure PA12 powder was used as a base layer of 10 mm
height for thermal decoupling from the building platform. To process small amounts
of powder, the process chamber was downsized via a reduction in the coater length
from 350 mm to 100 mm. In order to avoid premature melting of the top layer of the
PA12/CNP powders due to the change in emissivity, the process temperature was lowered
successively until coalescence was avoided. Conversely, the PA12/Ag powders needed
to be processed at higher temperatures. Furthermore, the power of the IR-emitters was

107



Materials 2021, 14, 5322

set to the same power range in the machine software for processing of pure PA12 in order
to provide similar thermal conditions for every material composition. A powder layer of
0.6 mm was added to the last molten areas to reduce warpage during the cooling phase.
Five tensile 1BA specimens (DIN EN ISO 527-2) of 2 mm thickness and five square plates
(15 × 15 × 2 mm3) were produced in the x–y-plane with a layer height of 100 μm for each
material composition. An alternating hatching was chosen for every layer between the x
and y directions. The aim was to find a set of process parameters that could be used to
process every material composition under the same conditions instead of optimizing the
process parameters towards the best processability, density, or mechanical properties for
individual material composites. In this way, the influence of nanoparticles on the material
behavior and the material limitations of the composites could be examined and evaluated.
However, the same energy density could not be used for 0.05 vol% CNP. Lowering the
energy density of the reference material of pure PA12 was not an option as it led to a lack
of layer bonding. Thus, the laser power was lowered successively to such an extent that
the thermal difference between the material temperature and the laser energy input was
reduced, and curling no longer occurred. To evaluate the performance of the integrated
CO2 laser source, laser power measurements were conducted with a laser power meter
(LM-200, Coherent, Santa Clara, CA, USA). In the onboard software of the LB-PBF machine,
the percentage of the laser power was set in 1% steps from 5% to 10% and in 5% steps from
10% to 100% laser power. In doing so, the nominal and real output power values could
be extracted for the experiments (Figure S1). Table S1 summarizes the process parameters
and resulting energy densities for the different powder composite materials. At the end of
the building process, the IR-emitters were switched off. The pyrometer data of the LB-PBF
machine showed that the powder bed temperature dropped from the process temperature
to 120 ◦C, which is below the endset temperature of crystallization, at a declining cooling
rate of approximately 15 K/min to 1 K/min. The process chamber was allowed to further
cool down and remained closed for at least 12 h.

2.5. Dimensional Accuracy and Tensile Testing of Specimens

The thickness and the width of the measuring range of the tensile bars were measured
with a micrometer with an accuracy of 0.01 mm. Tensile tests were performed according to
DIN EN ISO 527 on the universal testing machine (Quasar 100, Cesare Galdabini, Vigevano,
Italy) at room temperature with a load cell of 10 kN and a contact extensometer. The
Young’s modulus was measured at a speed of 0.5 mm/min until an elongation of 0.3% was
reached, followed by a speed of 20 mm/min to measure the ultimate tensile strength and
the ultimate elongation.

2.6. Polarized Light and Scanning Electron Microscopy (SEM)

The square LB-PBF specimens were cut with a microtome (Leica Biosystems, Wetzlar,
Germany) to 10 μm slices and placed on microscope slides with immersion oil. A light
microscope (Metalloplan, Leitz/Leica, Wetzlar, Germany) with two polarizers was used to
analyze the layer bonding and the birefringence of the crystalline structures. The surfaces
and tensile fractured surfaces of PBF specimens were imaged using a scanning electron
microscope (GeminiSEM 500, Zeiss, Oberkochen, Germany) equipped with an SE2 detector,
an acceleration voltage of 1 kV, and an aperture of 15 μm. Images were taken of the top
surface, as well as the edges and centers of the fractured surfaces of the tensile specimens.

2.7. X-ray Diffraction (XRD) and Infrared (IR) Spectroscopy

X-ray diffraction (Empyrean series 2, Malvern Panalytical, Worcestershire, UK) using
Cu Kα radiation (154 pm, 40 kV, 40 mA) was performed with an Empyrean diffractometer
(Panalytical) in Bragg–Brentano geometry. The incidence beam optics comprised the
Bragg–Brentano-HD module, fixed divergence (1/8◦), anti-scatter (1/8◦) slits, and 0.04 rad
Soller slits. The diffracted beam optics comprised Soller slits (0.04 rad), an anti-scatter slit
(16.8 mm), and a GaliPIX 3D detector (Panalytical). Sample specimens were fixed in the
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sample holder and rotated during measurement. The diffractograms were collected in the
range of 5◦ ≤ 2θ ≤ 90◦ at a step size of 0.014◦ and a measuring time of 25 s per step. Phase
analysis and Rietveld refinements of the obtained diffraction patterns were performed
with Profex 4.3 (Solothurn, Switzerland), a GUI of the BGMN Rietveld Analysis Program
(Dresden, Germany), to determine the phase composition and the unit cell parameters, but
also to quantify the crystallite sizes. Infrared (IR) spectra of the specimens were recorded
in attenuated total reflection (ATR) geometry in the spectral range from 6000 cm−1 to
400 cm−1 at a resolution of 2 cm−1 using a Fourier-transform infrared (FT-IR) spectrometer
(FTS3100, Digilab, Hopkinton, MA, USA). The spectra were normalized to their respective
maximum absorbance. Baseline corrections were performed manually. Pure PA12 and
PA12/CNP specimens were analyzed this way.

2.8. Micro-Computed Tomography (μ-CT)

The specimens of PA12 and PA12/CNP were examined by X-ray microtomography to
determine the process-induced porosity and the pores’ sphericity. This enabled the analysis
of pore size and morphology in the micrometer range and the statistical evaluation of the
pore characteristics. The type XT H 160 μ-CT system (Nikon, Tokyo, Japan), equipped with
a microfocus X-ray source (tungsten) with a maximum voltage of 160 kV and a 3 μm thresh-
old for the 3D scan, was used for the investigations. The 2D images were reconstructed
into a 3D image using the CT Pro 3D software (Nikon, Tokyo, Japan). Subsequently, it was
loaded into the analyzing and visualizing software VGStudio Max 2.2 (Volume Graphics,
Heidelberg, Germany). The corresponding scanning parameters can be seen in Table 1.

Table 1. Scanning parameters for the computed tomography scans (μ-CT).

Material Beam Energy Beam Current Power Effective Pixel Size Exposure Rates

PA12/ PA12-CNP 99 kV 26 μA 2.5 W 15 μm 1.42 s, 0.707 fps

After the scan, the images were reconstructed and loaded into the VGStudio Max
2.2 analysis and visualization software (Volume Graphics GmbH, Heidelberg, Germany).
Afterwards, algorithm-specific voxels were characterized with the “VGDefX (v2.2)” as
defects based on their grey value compared to a defined local threshold for contrast.
The theoretical resolution of the system is 3 μm; however, due to the dimensions of the
specimens, the minimum accurate detectable pore size increased to 15 μm. By setting the
minimum pore size in the defect analysis program according to the effective pixel size of
the specimens (15 μm) and checking the detected probability of the detected pores, the
pores could be distinguished from the noise.

3. Results and Discussion

3.1. Material Characterization of Polymer Powder Composites

An overview of all measured powder characteristics can be found in Table S2. While
the difference between the flowability values measured with the Hausner ratio is insignifi-
cant, the ring shear test results indicate distinguishable deviations. Figure 1 summarizes
the flowability (ffc-value) results of the differently additivated PA12 powders.

For instance, 0.005 vol% of CNP significantly increases the flowability of PA12 powder
(*; p ≤ 0.05) when additivated with the colloidal approach, while dry coating significantly
(****; p ≤ 0.0001) lowers the free-flowing (ffc > 10) powder properties to easy-flowing
(ffc < 10) [38]. An increase in the CNP dosage to 0.05 vol% does not impair the flowability
by colloidal additivation, while dry coating further reduces the flowability of the powder.
The poorer outcomes can be ascribed to the stronger mechanical forces during the dry
coating process, which lead to an increased inter-particle cohesion due to fines [23,27].
Regardless of the additivation method, 0.05 vol% of CNP leads to poorer flowing powders
than smaller quantities due to an increased amount of CNP agglomerates on the polymer
particle surfaces [23]. In comparison, the colloidal additivation of the same amount of
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Ag-NP slightly increases (ns; p > 0.05) the flowability. Based on these results, the colloidal
additivation process is the more suitable option for the additivation of nanoparticles since
the good flowability of the base powder material is maintained.

Figure 1. Flowability characteristics of PA12 powder and its composites measured by a ring shear
cell at a pre-consolidation stress of 1 kPa. Due to the additional washing step before the colloidal
additivation, colloidal composite powders are compared to washed PA12 powder while dry-coated
composites are compared to PA12 powder as received. An increase in significance is depicted with
an increase in the number of asterisks, while no significant differences are declared as “ns” (p > 0.05).
Results are based on three measurements.

3.2. Thermal Evaluation by Differential Scanning Calorimetry (DSC)

Evaluating the melting behavior of the PA12 powders during the heating stage of
the DSC helps to estimate the processing temperature for LB-PBF-P. Regardless of the
nano-additives, each powder composition exhibits an endothermal increase in heat flow at
around 170 ◦C during the heating phase. This value sets the starting point for the LB-PBF-P
experiments. The processed samples show a second peak around 190 ◦C, which correlates
with the higher melting temperatures of unmolten particles [39]. This peak becomes more
pronounced as more CNP nanoparticles are added (Figure 2), which means that the number
of unmelted particles increases with the dosage of nanoparticles.

Consequently, it provides an initial indication of the poorer expected material prop-
erties of the composites compared to pure PA12 due to reduced part density and layer
bonding. However, the additions of 0.005 vol% CNP and 0.05 vol% Ag-NP retain the curve
characteristics of pure PA12. The exact dimensions of the second peak of every material
were not averaged due to large deviations between the three runs of each composition
(Figure 2). Thus, the quantitative difference between the material compositions and the
additivation methods is insignificant.

Since the second peak does not change the main peak positions, the temperature onset,
peak, and endset do not change significantly (ns; p > 0.05) by any additivation (Figure 3a).
Yet, the overall crystallinity increases significantly for all additivated samples except for
PA12 colloidally additivated with 0.005 vol% CNP (Figure 3c) due to the broadening of the
second peak. The differences between the two additivation methods are more prominent
for 0.005 vol% CNP (**; p ≤ 0.01) than for 0.05 vol% CNP (*; p ≤ 0.05). Therefore, an
increase in crystallinity is not an initial indication of improved mechanical properties
since the higher crystallinity values may come from an increased number of unmelted,
but highly crystalline, polymer particles. Moreover, the results of the heat of fusion and
crystallinity do not provide information about layer bonding. If an increase in crystallinity
by nanoparticles has macroscopic advantages for the properties of the mechanical part,
further analytic examinations are required. For instance, microscopic investigations need to
be conducted to evaluate the connection between subsequent layers and the crystal growth
behavior at these interfaces.
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Figure 2. Three heating curves of the LB-PBF-P specimens made of (a) pure PA12, (b) PA12 and
0.005 vol% carbon nanoparticles, (c) PA12 and 0.05 vol% silver nanoparticles, and (d) PA12 and
0.05 vol% carbon nanoparticles. The addition of the nanoparticles was performed via colloidal
additivation. The heating rate was 10 K/min.

Figure 3. Averaged thermal values of different material compositions showing their results of (a) peak
melting temperature values, (b) heat of fusion, and (c) crystallinity. The level of significance increases
with the number of asterisks, while “ns” stands for an insignificant difference.
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3.3. LB-PBF of PA12 and Composites

Differences between colloidal additivation and dry coating were noticeable during
powder recoating, where the colloidally additivated powder could be spread more ho-
mogeneously than the dry-coated powder. During processing, specimens of colloidally
additivated PA12 powder of 0.05 vol% CNP required less energy (0.115 J/mm3) to be built
compared to the dry-coated variant (0.127 J/mm3). The temperature had to be decreased
from 171 ◦C to 169 ◦C when increasing the CNP amount to 0.05 vol%. Otherwise, overly
high temperatures and energy densities lead to a displacement of the specimens’ molten
layers, ultimately resulting in a build job failure. Thus, lower temperatures and less en-
ergy were required to process and bond the polymer layers with the addition of minute
amounts of CNP. By contrast, PA12 with 0.05 vol% Ag could be processed without any
curling after raising the temperature by one degree Celsius while maintaining the same
process parameters and energy density as pure PA12. When qualitatively comparing the
spreadability of CNP and Ag-NP at 0.05 vol% during the recoating process, the powder
bed of additivated PA12 powders with Ag-NP appeared more homogeneously distributed
than the CNP counterpart. At a lower dose of 0.005 vol%, the dry-coated CNP powders
exhibited faster curling after powder application than the colloidally additivated ones. It
was found that the reduced process window of CNP additivated powders [23] leads to
faster warpage of specimens during the cooling phase.

3.4. Microscopic Evaluation of LB-PBF-P Samples

Polarization images at low magnification (Figure 4) reveal the quality of the layer
bonds of each processed material composition. The presented images show horizontal
layers built in the z-direction. Pure PA12 shows consistent bonding of individual layers
(Figure 4a) with some unmelted particles, which is a typical phenomenon for LB-PBF-P
results. The degree of particle melt could be increased by higher laser energy inputs, but
the aim of this study was to evaluate the influence of nanoparticles on the processability
and material properties. The first indications of a reduction in particle melting became
apparent when adding 0.005 vol% CNP to the surfaces of the PA12 particles. Even though
the process temperature remained the same, layer bonding was partially disrupted by an
increased number of agglomerated unmelted particles (Figure 4b,c). Visual differences
between the colloidal and dry-coated additivation procedure were non-existent at this low
volume of CNP.

When increasing the dosage of CNP to 0.05 vol%, the laser power had to be lowered
by 15% for dry-coated powders and 24% for colloidally additivated powders (Table S1) to
process 20 layers without build failures. However, this led to a deterioration in bonding
quality between the layers. Although the dry-coated specimens absorbed an energy of
0.127 J/mm3, their microscopic results show larger and longer gaps between the layers
(Figure 4e) than the colloidal additivated specimens (Figure 4f), which received a lower
laser energy of 0.115 J/mm3. More agglomerated CNP from dry coating are most likely
the cause of this outcome. By comparison, good layer bonding is given for the same
amount of Ag-NP (Figure 4d) with occasional smaller gaps. Reasons for the differences
between CNP and Ag-NP are either due to the energy distribution, which is redirected by
the absorptive and emissive properties of the CNP, or the polymer–polymer connection,
which is interrupted by nanoparticle interactions of opposite layers. Another reason could
be the difference in the Hamaker constant between CNP and Ag-NP [40,41]. In addition,
the change of bonding behavior between the polymer and the organic CNP or inorganic
Ag-NP could be the cause.
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Figure 4. Microscopic polarized images of 10 μm sliced LB-PBF-P specimens made of (a) pure PA12,
(b,c) PA12 and 0.005 vol% carbon nanoparticles, (d) PA12 and 0.05 vol% silver nanoparticles, and
(e,f) PA12 and 0.05 vol% carbon nanoparticles. PA12 powders were additivated (b,d,e) with the
colloidal deposition and (c,f) with the dry coating method. The images provide an overview of the
processed layers in a horizontal position, where higher amounts of carbon nanoparticles lead to
poorer layer bonding.

With microscopy images of higher magnification (Figure 5), lamellar structures can
be identified. The typical crystalline structures of PA12 with lamellae up to 25 μm are
visible, originating from unmelted particle cores or random impurities (Figure 5a). The
dimensions of these lamellae, which develop during the cooling phase of LB-PBF, correlate
well with the microscopic results of the calorimetric powder measurements [23] since their
lengths lie between the values of the cooling rates at 0.5 K/min and 20 K/min. Spherical
and ellipsoidal structures can be found, as observed in previous studies [23,25]. Adding
0.005 vol% CNP does not increase the frequency of crystalline structures, but seemingly
reduces them. There are no apparent differences between the two additivation methods
at this low dose of nanoparticles (Figure 5b,c). However, formations of agglomerated
nanoparticles to chain-like structures (Figure 5e,f) can be identified at 0.05 vol% CNP. Even
though the nanoparticles occasionally induce lamellar growth across layer boundaries, they
also introduce new interfaces that predetermine mechanical weak points. While there are
larger CNP clusters in the dry-coated specimens, the colloidal additivation leads to a more
homogeneous distribution of the CNP in the melt. It is expected that dry-coated samples
will have poorer mechanical properties due to the higher frequency of clusters. The lamellar
structures cannot be identified in the PA12 sample with 0.05 vol% Ag-NP (Figure 5d). Only
crystalline growth from unmelted particles can be found. As expected from the thermal
powder analyses [20], no nucleation effects of the Ag-NP can be detected by microscopic
evaluations. However, both microscopic and DSC evaluations are limited as they only
represent a small percentage of the total sample. Three-dimensional analysis methods,
such as μ-CT (see Section 3.8), can help to better understand the internal structures of the
entire sample.

Our previous hypothesis [23] that CNP can introduce a certain anisotropy into the
material system, which can be beneficial for increasing the layer bonding, cannot be
confirmed. Instead, a CNP dose of 0.05 vol% is high enough to compromise layer bonding
if the process parameters are not changed. However, lower quantities can be used to tailor
mechanical properties.
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Figure 5. Magnified microscopic polarized images of 10 μm sliced LB-PBF-P specimens made
of (a) pure PA12, (b,c) PA12 and 0.005 vol% carbon nanoparticles, (d) PA12 and 0.05 vol% silver
nanoparticles, and (e,f) PA12 and 0.05 vol% carbon nanoparticles. PA12 powders were additivated
(b,d,e) with the colloidal deposition and (c,f) with the dry coating method. The images provide a
more detailed view of the developed crystalline structures and the positions of carbon and silver
nanoparticles in the cooled polymer melt.

3.5. Dimensions and Mechanical Properties of Tensile Bar Specimens

The dimensions of the reference specimens of pure PA12 were 2.01 ± 0.02 mm in
thickness and 4.66 ± 0.02 mm in width (Figure 6a). The specimens exhibit a Young’s
modulus E of 1.93 ± 0.07 GPa, an ultimate tensile strength σult of 46.4 ± 0.5 MPa, and
an ultimate elongation εult of 5.2 ± 0.2% (Figure 6b,c). These values are well within the
typical range of mechanical properties of specimens produced by LB-PBF-P [4]. The exact
target width of 5 mm was not achieved since no contour exposure was used in this study.
However, since the values are within the range of the DIN standard and show only a small
spread, the process parameters still provide a good reproducibility for pure PA12 powders
in LB-PBF.

The low deviations among the five specimens prove the consistently good process-
ability of the powder composites (Figure 6), especially at low doses of nanoparticles
(<0.05 vol%). However, the deviations increase at higher nanoparticle concentrations,
which corresponds to the poorer processabilities of these powder composites. Further
differences are caused by the additivation methods. When comparing the dry-coated
PA12 containing 0.005 vol% CNP with pure PA12 (Figure 6a), the width of the dry-coated
specimens is significantly (0.9%) (****; p ≤ 0.0001) lower, while the thickness values are
significantly (20.7%) (****; p ≤ 0.0001) higher. Faster warpage of dry-coated specimens
with 0.005 vol% CNP during cooling lead to the specimens’ greater thickness and narrower
width. This results from the reduced processing window due to an increase in crystal-
lization temperatures induced by the nucleation effect of CNP [23]. By comparison, the
colloidally additivated specimens of the same CNP concentration exhibit a significant
(****; p ≤ 0.0001) increase in thickness and width by only 1.2% and 7.8%, respectively.
Since there are no significant thermal differences between these two 0.005 vol% PA12/CNP
powders, the main reason should be ascribed to the quality of the nanoparticle deposition
and an increased expected agglomeration of nanoparticles in the melt. Overall, the speci-
mens built from composites show significantly higher dimensional values than those from
pure PA12. This correlates with the unintentional melting and coalescence of neighboring
particles induced by the CNP (see Section 3.6).
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Figure 6. The overview of the tensile test results shows the LB-PBF-P specimens of different material
compositions with regard to their (a) measured dimensions, (b) exemplary stress–strain curves, and
(c) mechanical properties of the ultimate tensile strength (σult), ultimate elongation (εult ) and Young’s
modulus (E ). The level of significance increases with the number of asterisks, while “ns” stands for
an insignificant difference.

The difference between the two additivation methods at minute amounts of 0.005 vol%
CNP can also be recognized in the tensile results (Figure 6b,c). Here, dry-coated specimens
exhibit a σult that is significantly (20.6%) (****; p ≤ 0.0001) lower than pure PA12, and
a εult, which increases insignificantly (5.4%) (ns; p > 0.05). In comparison, the colloidal
additivation of the same quantity of CNP also decreases σult significantly (**; p ≤ 0.01),
but only by 4.4%, while εult is increased significantly (***; p ≤ 0.001) by 56.5%. While the
difference between the dimensional accuracy (Figure 6a) and the mechanical properties
(Figure 6b,c) diminishes when increasing the volume of CNP to 0.05 vol%, there are
small but insignificant (ns; p > 0.05) differences between colloidal additivation and
dry coating. For instance, the width increases significantly (****; p ≤ 0.0001), by 5.4%,
and the thickness increases significantly (****; p ≤ 0.0001), by 14.1%, for dry-coated
specimens. On the other hand, the dimensions of the colloidally additivated specimens
have a smaller, but significant (*; p ≤ 0.05), growth of 1.7% and 10.2% (****; p ≤ 0.0001).
Similarly, every measurand of the mechanical properties is significantly (****; p ≤ 0.0001)
deteriorated at 0.05 vol% of CNP. Interestingly, the colloidal additivation showed a 4.9%
higher tensile strength and a 3.3% higher Young’s modulus than the dry-coated specimens,
even though the colloidally additivated powder received 9.4% less energy during the LB-
PBF-P process (Table S1). However, this difference between the two additivation methods
is insignificant (ns; p > 0.05). When changing the nano-additives to 0.05 vol% silver, the
dimensions increase significantly (****; p ≤ 0.0001) by 3.3% in width and 6.9% in thickness.
At the same time, the mechanical properties are close to values of 0.005 vol% CNP by
colloidal additivation. Finally, all composites have a significantly (****; p ≤ 0.0001) lower
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Young’s modulus than pure PA12 (Figure 6c). The reasons for the decrease in tensile
strength and Young’s modulus, but the increase in elongation, could be due to a weakened
interaction between the nanofiller and the polymer matrix (e.g., low crosslink density) [13].
A low dispersion and, thus, a higher probability of agglomeration of nanoparticles would
explain the overall impairment of dimensions and mechanical properties by dry coating of
0.005 vol% CNP. Conversely, the chances of nanoparticles agglomerating increase at higher
quantities of CNP, limiting the possibility of a better dispersion to induce macroscopic
changes. Other nucleating nanomaterials should be chosen instead of CNP to improve the
interaction between the nano-additives and the polymer matrix.

In general, we could show that small volume fractions of CNP and Ag-NP are already
enough to significantly influence the dimensional and mechanical properties of LB-PBF
specimens. The quality of the dispersion plays a decisive role in this. The impact of
CNP on the dimensional and mechanical properties is greater than that of the same dose
of Ag-NP without nucleation properties. However, for CO2 laser-operated powder bed
fusion processes, the influence of nanoparticles on the material behavior is limited and
usually does not contribute to better mechanical properties. In this case, a compromise
has to be made between introducing new material properties through nanoparticles (e.g.,
plasmonic [31,42] or magnetic properties [10]) and the mechanical properties of additively
manufactured parts. However, if the wavelength of the laser source is in the near-infrared
or visual wavelength range, absorption-enhancing nanoparticles of high dispersion become
inevitable to effectively process polymer powders at these wavelengths [31].

3.6. Tensile Fractography

Images of the top surface of the specimens help to evaluate the quality of the molten
state of the outer layers, while images of the fractured surfaces are used to identify the
fracture behavior under the influence of different amounts of nanoparticles. The pre-
sented images depict the processed horizontal layers perpendicular to the build direction
(Figure 7).

PA12 shows overall good layer bonding without visible layer boundaries in the
body of the sample (Figure 7b), while some lack of bonding exists around the edges
(Figure 7a). The reason for this is the absence of contour parameters in this study, which
are usually used in LB-PBF-P to mitigate this phenomenon. The layer bonding and, thus,
the mechanical properties can be further improved by increasing the degree of particle melt
with higher laser energy densities. However, this usually sacrifices the parts’ resolution and
dimensional accuracy due to unwanted sintering of adjacent loose powder particles [26].
The fracture surface images primarily reveal brittle regions with some ductile areas around
the edges of the sample (Figure 8a), which are believed to be the origin of fracture during
tensile testing [26]. Upon closer inspection, the ductile areas consist of mainly spherical
fibrillated structures indicating broken particle cores (Figure 8b). The condition of the
top surfaces (Figure 7c) is typical for processed PA12 powder with partially molten and
unmolten particles from the surrounding powder due to bleeding of thermal energy [43].
However, this has no adverse effect on the dimensional accuracy of the specimens since the
thickness of the final parts is at the target value of 2 mm (Figure 6a). The seamless bonding
of the layers further supports the good dimensional accuracy of the PA12 specimens.
Optionally, the surface quality could be improved by an additional post-processing step
involving grinding or polishing [44].
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Figure 7. Collection of scanning electron microscopy images of the fractured surfaces of the tensile
bars and of the top surface of the specimens. The left column (a,d,g,j,m,p) depicts the edges, and
the middle column (b,e,h,k,n,q) shows the center of the fractured surface. The condition of the
specimens’ top surface can be seen in the right column (c,f,i,l,o,r). The quantity of nanoparticles
increases from top to bottom. Exemplarily, the red arrows mark unmelted polymer particles, while
the red circles highlight voids.

Figure 8. (a) Scanning electron microscopy images of the ductile area of fractured surfaces of the
PA12 specimens. A more detailed view of the spherical fibrillated structures responsible for the
ductility can be seen in (b).

Adding 0.005 vol% CNP by colloidal additivation leads to more distinct layer bound-
aries of partially unmelted particles near the edges and in the center of the specimens
(Figure 7d,e), while interlayer bonding is still present. The same quantity of CNP, but
additivated by dry coating, results in enlarged gaps between individual layers near the
edge and inside of the specimens (Figure 7g,h). These interrupted transitions are due
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to partially or fully unmelted particles, which correlate with the second peak, at around
190 ◦C, observed in DSC (Figure 2). The frequency of ductile areas is the highest for
PA12 with 0.005 vol% CNP by colloidal additivation compared to pure PA12 and other
specimens. This can be ascribed to the increased ultimate elongation of the tensile spec-
imens (Figure 6c). Due to the same amount of CNP being present, the reasons for these
differences are either the quality of dispersion [23] or the change of powder flowability
during additivation, which influence the processability of the composite powders. These
apparent differences in fractured surfaces between the colloidal additivation and the dry
coating of 0.005 vol% CNP are reflected in their dimensional accuracy (Figure 6a) and
mechanical properties (Figure 6b,c). The higher number of gaps explains the significant
increase of 20.7% in thickness for the dry-coated specimens. However, the top surface
structures show no evident differences between the two additivation methods for the
specimens additivated with 0.005 vol% CNP (Figure 7f,i) and are equivalent to the pure
PA12 results. The difference in fracture behavior between the two additivation methods is
undistinguishable when increasing the dosage of CNP to 0.05 vol% (Figure 7j,k,m,n). These
findings coincide with the insignificant differences (ns; p > 0.05) in mechanical properties
between the two differently additivated specimens (Figure 6c). The number of unmelted
particles between the layers increases, further impairing the mechanical properties of the
specimens. The only noticeable difference in the top surface structure is a higher number
of voids within the molten surface. These voids are more pronounced for the dry-coated
specimens than for the colloidally additivated ones. This could be an indication of an
increased amount of escaping gas or polymer chain scission.

By contrast, the same quantity of Ag-NP leads to very similar results as pure PA12
with regard to layer bonding and layer boundary conditions (Figure 7p,q). Since Ag-
NP do not induce crystal growth, in contrast to CNP, under LB-PBF cooling conditions
(Figure 5d) [20], they can maintain the good processability of pure PA12 powder. Finally, a
dispersion of good quality is particularly important for nucleating nanoparticles below a
dose of 0.05 vol% if a shift in mechanical properties is desired.

3.7. X-ray Diffraction (XRD) and Infrared (IR) Spectroscopy

Polyamide 12 is known to crystallize depending on the acting stresses, temperature,
and pressure in different polymorphic forms. Four crystalline phases, namely the alpha (α),
alpha’ (α’), gamma (γ) and gamma’ (γ’) phases, are known [26,45–47], with the gamma
phase being the most stable form at ambient conditions and the alpha form observed
for PA12 annealed at elevated pressures [48]. In addition, an intermediate α” form was
observed prior to the transformation of γ PA12 to the γ’ polymorph by drawing [49],
respectively, the (intermediate) crystallization of PA12 from the melt in the α’ form with a
subsequent transition to the γ form while cooling to room temperature [50]. The γ’ phase
can be produced by melt quenching [47]. Precipitated PA12 powders have been reported in
the literature to frequently show an ‘intermediate’ structure between the alpha and gamma
phase that is characterized by two distinct reflexes found at 2θ around 20.9◦ and 22.0◦
(Cu Kα) [23,26,50].

Diffraction patterns of the specimen produced from the different composite powders
in comparison to PA12 powder are depicted in Figure 9 below. The experimental pattern
could be described solely by the presence of a crystalline monoclinic (pseudohexagonal) γ
PA12 phase when taking the structural data reported by Cojazzi et al. [51] and a polynomial
background function into account, i.e., there are no indications of the presence of another
crystalline PA12 phase. The specimens were produced by LB-PBF-P, i.e., the powder
was first melted and then allowed to cool at relatively moderate cooling rates. At these
conditions, i.e., the crystallization of PA12 from the melt, the γ form was previously
reported to be formed [50]; however, also in LB-PBF-produced specimens, an intermediate
structure between the α and γ phase was recently reported to be present in the precipitated
feedstock [26]. Consequently, despite an apparent shift of the main reflex of less than 1◦
(Figure 9b), we can also confirm that under the chosen conditions, the CNP present in
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the composite powder do not trigger the nucleation of PA12 polymorphs other than γ in
the built specimens. The unit cell parameters for the γ PA12 phase deduced by Rietveld
refinement of the experimental diffraction pattern are summarized in Table 2. No trend
indicating a dependence of unit-cell parameters or lattice spacings (Table S3) on any amount
of NP present in the powder system could be deduced.

Figure 9. Diffraction patterns of PA12 powder and specimens of different compositions additivated by colloidal deposition
and dry coating, depicted (a) as overviews separated from each other and (b) on top of each other with a zoomed-in picture
of the shifted main reflex positions.

Table 2. Unit cell parameters for the monoclinic gamma PA12 phase as determined from Rietveld
refinements of the diffraction pattern of processed specimens.

Material Composition a in nm b in nm c in nm β in ◦

PA12 0.4838 3.1810 0.9484 121.2
PA12 + 0.005 vol% CNP Coll 0.4838 3.1912 0.9513 120.8
PA12 + 0.05 vol% CNP Coll 0.4838 3.2219 0.9484 121.2
PA12 + 0.005 vol% CNP DC 0.4838 3.1854 0.9498 121.2
PA12 + 0.05 vol% CNP DC 0.4838 3.2213 0.9484 121.2

The crystallite sizes of the γ PA12 phase in the composite specimens were exemplarily
determined from the refinement of the diffractograms for the (100), (002), and (020) ori-
entations, characterized by 2θ angles of 21.4◦, 21.9◦ and 5.5◦, respectively (Table 3). No
preferred crystallite orientation or texture can be deduced from the diffractograms. With
increasing carbon black content, a slight increase in crystallite size in the (001) and (002)
orientation can be noted, although this effect is relatively small.

Table 3. Crystallite sizes in 100, 002, and 020 orientation for gamma PA12 in composite powder specimens as determined
from Rietveld refinement.

Material Composition
Crystallite Size in nm Error Crystallite Size in nm

(100) (002) (020) (100) (002) (020)

PA12 8.21 7.12 6.478 0.15 0.14 0.099
PA12 + 0.005 vol% CNP Coll 8.53 6.58 6.426 0.16 0.14 0.041
PA12 + 0.05 vol% CNP Coll 9.43 8.66 5.503 0.19 0.11 0.057
PA12 + 0.005 vol% CNP DC 6.56 5.92 6.691 0.09 0.14 0.051
PA12 + 0.05 vol% CNP DC 9.29 9.51 5.037 0.20 0.14 0.055

According to Bain et al. [26] and Rhee and White [52], respectively, γ PA12 can be
discriminated from α PA12 by the position of characteristic vibrations in the IR range, e.g.,
the Amide I (1635 cm−1 (α) vs. 1640 cm−1 (γ)) or the Amide II band (1540 cm−1 (α) vs.
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1563 cm−1 (γ)). The band positions for amide I and amide II observed in ATR spectra of
the samples collected at a resolution of 2 cm−1 are summarized in Table 4. Because of
the instrumental resolution and the experimentally observed band positions, e.g., for the
amide I between 1635 cm−1 and 1638 cm−1, respectively, representing very weak amide II
bands, a clear assignment to one of the crystal phases or the deduction of the presence of a
crystal mixture cannot be made from the IR spectra.

Table 4. Positions of the amide I and amide II bands in PA12/CNP composite specimens.

Material Composition Amide I in cm−1 Amide II in cm−1

PA12 1637 1543 and 1566
PA12 + 0.005 vol% CNP Coll 1637 1541
PA12 + 0.05 vol% CNP Coll 1635 1547 and 1566
PA12 + 0.005 vol% CNP DC 1638 -
PA12 + 0.05 vol% CNP DC 1636 1545

3.8. Micro-Computed Tomography (μ-CT)

The effect of the additivation of CNP on the relative density of PA12 specimens is
visible in Figure 10. Relatively large line-shaped defects in the PA12 specimens additivated
with 0.05 vol% CNP and their layer-wise arrangement perpendicular to the building
direction confirm the insufficient diffusion between the scanning layers. However, the
defects are more distinguishable in the dry-coated specimens of 0.05 vol% CNP, where the
lack of diffusion is more visible at the mid-layers of the specimens (Figure 10c,d).

Figure 10. Results of μ-CT scans for specimens of pure PA12 in (a) top and (c) side view and of PA12
dry-coated with 0.05 vol% CNP in (b) top and (d) side view.

It can be seen in Figure 11a that pure PA12 has the highest relative density of 89.0%.
The addition of 0.005 vol% CNP reduces their relative density to 88.7% and 88.6% for
the dry coating and the colloidal additivation methods, respectively. An increase in CNP
to 0.05 vol% further decreases the relative density of the PA12 specimens to 83.3% and
84.1% for the dry coating and the colloidal additivation methods, respectively. This leaves
comparable densities at 0.005 vol% CNP between dry coating and the colloidal additivation,
while the colloidally additivated specimen shows a slightly higher density than the dry-
coated counterpart. These results can be ascribed to the better layer bonding of lower
quantities of CNP and the higher dispersion of nanoparticles by the colloidal additivation.
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Figure 11. (a) Relative density and (b) pore size distribution of pure PA12 and PA12 specimens with
CNP additivation.

Figure 11b shows the size distribution, average pore size, and the pore counts within
each specimen. In most of the specimens, pore volumes lay between 10 × 104 μm3 and
85 × 104 μm3. The average pore volume also increases as the quantity of CNP in the PA12
specimens increases. The colloidal additivation of 0.005 vol% CNP reduces the maximum
pore size of PA12 from 85 × 104 μm3 to 69 × 104 μm3, while the dry coating method and
higher amounts of CNP increase the maximum pore size by 5 × 104 μm3. Therefore, lower
quantities of CNP are less detrimental for the density of parts, in which case the dispersion
of the nanoparticles plays a crucial role in the final part properties.

Only very small pores in the specimens have high sphericity of up to approximately
0.8; however, it decreases drastically with the increase in the pore volume in all the
specimens (Figure 12). As mentioned, large pores are long void spaces between the scan
layers that are present due to a lack of fusion, which correlates with the increase in the lack
of layer bonding when adding CNP to PA12 (Figure 7). As mentioned before, the process
parameters were not chosen to achieve the highest density for every material composition
but to investigate the influence of the nano-additivation on the material properties.

Figure 12. Sphericity measurements of the pores in specimens of (a) pure PA12, (b) PA12 dry-coated
with 0.005 vol% CNP and (c) PA12 dry-coated with 0.05 vol% CNP.
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4. Conclusions

Well-dispersed nano-additives on polymer powders for laser-based powder bed fusion
show potential for the tuning of material properties, but also pose challenges that must
be overcome. In our study, we processed polyamide 12 powder that was modified with
sub-monolayer quantities of carbon black nanoparticles, by means of two additivation
methods of different dispersion qualities, to standardized tensile bars under the same
process conditions. The two methods of polymer particle nano-coating were the aqueous
colloidal deposition and the dry mechanical mixing.

The differences between the two deposition methods become evident at different
stages of the laser-based powder bed fusion process. During the evaluation of the powder
flowability, only the colloidal additivation procedure keeps the free-flowing characteristic
of pure polyamide 12 powder. This characteristic has an impact on the powder application
of the powder bed fusion process, in which mechanically mixed powders lead to a less
homogeneous powder bed. After processing the nanocomposites under same process
conditions, 0.005 vol% of colloidally deposited carbon nanoparticles show an increase in
the ductile material behavior of manufactured parts at the expense of tensile strength, while
mechanically admixed nanoparticles reduce the mechanical properties of PA12. Despite
increasing the crystallinity, carbon nanoparticles do not change the crystalline morphology
of the intermediate form between the alpha and gamma phases of manufactured specimens.
Higher amounts of nanoparticles than 0.005 vol% result in poorer layer bonding, reduced
part densities with enlarged pores, and thus, worse mechanical properties, regardless
of the deposition method. Ultimately, the quality of the dispersion of minute amounts
of nanoparticles is critical to tailor the mechanical properties of thermoplastic parts by
laser-based powder bed fusion.

Future studies should include optimization of the laser-based powder bed fusion pro-
cess of polymer nanocomposites towards high part densities of carbon nano-additivated
specimens achieved through the adjustment of the powder bed temperature and volume
energy density. Furthermore, lasers other than CO2 (in the near-infrared or visual wave-
length range) should be used to facilitate an improved understanding of the influence of
absorption-enhancing nanoparticles on the laser–material interaction.

Supplementary Materials: The following are available online at https://www.mdpi.com/article/10
.3390/ma14185322/s1, Figure S1: nominal and measured laser power, Table S1: process parameters for
LB-PBF-P, Table S2: powder properties, Table S3: d-spacings (from XRD) of the manufactured specimens.

Author Contributions: Conceptualization, A.S., M.S., B.G. and S.B.; methodology, A.S. and S.G.;
formal analysis, A.S., J.S., A.B.C. and A.L.; investigation, A.S., S.G., J.S., A.B.C. and A.L.; resources,
S.G.; data curation, A.S. and J.S.; writing—original draft preparation, A.S.; writing—review and
editing, A.S., S.G., J.S., A.B.C., A.L., B.G., S.B. and M.S.; visualization, A.S., B.G., S.B. and M.S.;
supervision, F.W., B.G., S.B. and M.S.; project administration, A.S. and M.S.; funding acquisition, F.W.,
B.G., S.B. and M.S. All authors have read and agreed to the published version of the manuscript.

Funding: The authors gratefully acknowledge the funding provided by the Erlangen Graduate
School in Advanced Optical Technologies (SAOT) through the Bavarian State Ministry for Science
and Art. The authors gratefully acknowledge the funding received from the German Research
Foundation (DFG) within the priority program (SPP) 2122 “Materials for Additive Manufacturing”
(MATframe, WA 1672/53-1, BA 3580/27-1 and SCHM 2115/78-1). B.G. additionally acknowledges
funding from the DFG within the Heisenberg Program, project number 445127149 (GO 2566/10-1).

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Data Availability Statement: The data presented in this study are available on request from the
corresponding author. The data are not publicly available due to privacy.

122



Materials 2021, 14, 5322

Acknowledgments: We thank Tim Hupfeld for the delivery of the nano-additivated polyamide
12 powders.

Conflicts of Interest: The authors declare no conflict of interest.

References

1. Bain, E.D. Polymer powder bed fusion additive manufacturing: Recent developments in materials, processes, and applications.
In Polymer-Based Additive Manufacturing: Recent Developments; ACS Symposium Series; American Chemical Society: Washington,
DC, USA, 2019; Volume 1315, pp. 7–36. ISBN 9780841234260.

2. Deja, M.; Zielinski, D. A pilot study to assess an in-process inspection method for small diameter holes produced by direct metal
laser sintering. Rapid Prototyp. J. 2019, 26, 418–436. [CrossRef]

3. Rehman, A.U.; Sglavo, V.M. 3D printing of geopolymer-based concrete for building applications. Rapid Prototyp. J. 2020, 26,
1783–1788. [CrossRef]

4. Kusoglu, I.; Doñate-Buendía, C.; Barcikowski, S.; Gökce, B. Laser powder bed fusion of polymers: Quantitative research direction
indices. Materials 2021, 14, 1169. [CrossRef]

5. Higa, C.F.; Gradowski, T.; Elifio-Esposito, S.; De Oliveira, M.F.; Inforçatti, P.; Da Silva, J.V.L.; Amorim, F.L.; Meruvia, M.S. Influence
of selective laser sintering process parameters on microstructure and physicochemical properties of poly(vinyl alcohol) for the
production of scaffolds. Rapid Prototyp. J. 2020, 26, 1155–1164. [CrossRef]

6. Aldahash, S.A.; Gadelmoula, A.M. Orthotropic properties of cement-filled polyamide 12 manufactured by selective laser sintering.
Rapid Prototyp. J. 2020, 26, 1103–1112. [CrossRef]

7. Bourell, D.; Coholich, J.; Chalancon, A.; Bhat, A. Evaluation of energy density measures and validation for powder bed fusion of
polyamide. CIRP Ann. 2017, 66, 217–220. [CrossRef]

8. Snow, Z.; Martukanitz, R.; Joshi, S. On the development of powder spreadability metrics and feedstock requirements for powder
bed fusion additive manufacturing. Addit. Manuf. 2019, 28, 78–86. [CrossRef]

9. Bonilla, J.S.G.; Dechet, M.A.; Schmidt, J.; Peukert, W.; Bück, A. Thermal rounding of micron-sized polymer particles in a downer
reactor: Direct vs indirect heating. Rapid Prototyp. J. 2020, 26, 1637–1646. [CrossRef]

10. Hupfeld, T.; Salamon, S.; Landers, J.; Sommereyns, A.; Doñate-Buendía, C.; Schmidt, J.; Wende, H.; Schmidt, M.; Barcikowski,
S.; Gökce, B. 3D printing of magnetic parts by laser powder bed fusion of iron oxide nanoparticle functionalized polyamide
powders. J. Mater. Chem. C 2020, 8, 12204–12217. [CrossRef]

11. Cai, C.; Tey, W.S.; Chen, J.; Zhu, W.; Liu, X.; Liu, T.; Zhao, L.; Zhou, K. Comparative study on 3D printing of polyamide 12 by
selective laser sintering and multi jet fusion. J. Mater. Process. Technol. 2020, 288, 116882. [CrossRef]

12. Espera, A.H.; Valino, A.D.; Palaganas, J.; Souza, L.; Chen, Q.; Advincula, R.C. 3D printing of a robust polyamide-12-carbon black
composite via selective laser sintering: Thermal and electrical conductivity. Macromol. Mater. Eng. 2019, 304, 1800718. [CrossRef]

13. Athreya, S.R.; Kalaitzidou, K.; Das, S. Processing and characterization of a carbon black-filled electrically conductive Nylon-12
nanocomposite produced by selective laser sintering. Mater. Sci. Eng. A 2010, 527, 2637–2642. [CrossRef]

14. Athreya, S.R.; Kalaitzidou, K.; Das, S. Mechanical and microstructural properties of Nylon-12/carbon black composites: Selective
laser sintering versus melt compounding and injection molding. Compos. Sci. Technol. 2011, 71, 506–510. [CrossRef]

15. Relinque, J.J.; García-Romero, M.G.; Hernández-Saz, J.; Navas, J.; Gil-Mena, A.J.; Sales, D.L.; Navas, F.J.; Morales-Cid, G.; Aguilera,
D.; Periñán, A.; et al. Influence of the additivation of graphene-like materials on the properties of polyamide for Powder Bed
Fusion. Prog. Addit. Manuf. 2018, 3, 233–244. [CrossRef]

16. Yuan, S.; Zheng, Y.; Chua, C.K.; Yan, Q.; Zhou, K. Electrical and thermal conductivities of MWCNT/polymer composites
fabricated by selective laser sintering. Compos. Part A Appl. Sci. Manuf. 2018, 105, 203–213. [CrossRef]

17. Bai, J.; Goodridge, R.D.; Hague, R.J.; Song, M. Improving the mechanical properties of laser-sintered polyamide 12 through
incorporation of carbon nanotubes. Polym. Eng. Sci. 2013, 53, 1937–1946. [CrossRef]

18. Goodridge, R.; Shofner, M.; Hague, R.; McClelland, M.; Schlea, M.; Johnson, R.; Tuck, C. Processing of a Polyamide-12/carbon
nanofibre composite by laser sintering. Polym. Test. 2011, 30, 94–100. [CrossRef]

19. Bai, J.; Goodridge, R.D.; Hague, R.J.; Song, M.; Murakami, H. Nanostructural characterization of carbon nanotubes in laser-
sintered polyamide 12 by 3D-TEM. J. Mater. Res. 2014, 29, 1817–1823. [CrossRef]

20. Hupfeld, T.; Sommereyns, A.; Schuffenhauer, T.; Zhuravlev, E.; Krebs, M.; Gann, S.; Keßler, O.; Schmidt, M.; Gökce, B.;
Barcikowski, S. How colloidal surface additivation of polyamide 12 powders with well-dispersed silver nanoparticles influences
the crystallization already at low 0.01 vol%. Addit. Manuf. 2020, 36, 101419. [CrossRef]

21. Doagou-Rad, S.; Islam, A.; Jensen, J.S.; Alnasser, A. Interaction of nanofillers in injection-molded graphene/carbon nanotube
reinforced PA66 hybrid nanocomposites. J. Polym. Eng. 2018, 38, 971–981. [CrossRef]

22. Rahaman, M.; Khastgir, D.; Aldalbahi, A.K. (Eds.) Carbon-containing polymer composites. In Springer Series on Polymer and
Composite Materials; Springer: Singapore, 2019; ISBN 978-981-13-2687-5.

23. Sommereyns, A.; Hupfeld, T.; Gann, S.; Wang, T.; Wu, C.; Zhuravlev, E.; Lüddecke, A.; Baumann, S.; Rudloff, J.; Lang,
M.; et al. Influence of sub-monolayer quantities of carbon nanoparticles on the melting and crystallization behavior of polyamide
12 powders for additive manufacturing. Mater. Des. 2021, 201, 109487. [CrossRef]

123



Materials 2021, 14, 5322

24. Webster, T.J.T. Mechanical properties of dispersed ceramic nanoparticles in polymer composites for orthopedic applications. Int.
J. Nanomed. 2010, 5, 299–313. [CrossRef]

25. Hupfeld, T.; Sommereyns, A.; Riahi, F.; Doñate-Buendía, C.; Gann, S.; Schmidt, M.; Gökce, B.; Barcikowski, S. Analysis of the
nanoparticle dispersion and its effect on the crystalline microstructure in carbon-additivated PA12 feedstock material for laser
powder bed fusion. Materials 2020, 13, 3312. [CrossRef]

26. Bain, E.D.; Garboczi, E.J.; Seppala, J.E.; Parker, T.C.; Migler, K.B. AMB2018-04: Benchmark physical property measurements for
powder bed fusion additive manufacturing of polyamide 12. Integr. Mater. Manuf. Innov. 2019, 8, 335–361. [CrossRef]

27. Sommereyns, A.; Hupfeld, T.; Gökce, B.; Barcikowski, S.; Schmidt, M. Evaluation of essential powder properties through
complementary particle size analysis methods for laser powder bed fusion of polymers. Procedia CIRP 2020, 94, 116–121.
[CrossRef]

28. Zhang, D.; Gökce, B.; Barcikowski, S. Laser synthesis and processing of colloids: Fundamentals and applications. Chem. Rev.
2017, 117, 3990–4103. [CrossRef] [PubMed]

29. Hupfeld, T.; Doñate-Buendía, C.; Krause, M.; Sommereyns, A.; Wegner, A.; Sinnemann, T.; Schmidt, M.; Gökce, B.; Barcikowski,
S. Scaling up colloidal surface additivation of polymer powders for laser powder bed fusion. Procedia CIRP 2020, 94, 110–115.
[CrossRef]

30. Hupfeld, T.; Laumer, T.; Stichel, T.; Schuffenhauer, T.; Heberle, J.; Schmidt, M.; Barcikowski, S.; Gökce, B. A new approach to coat
PA12 powders with laser-generated nanoparticles for selective laser sintering. Procedia CIRP 2018, 74, 244–248. [CrossRef]

31. Hupfeld, T.; Wegner, A.; Blanke, M.; Doñate-Buendía, C.; Sharov, V.; Nieskens, S.; Piechotta, M.; Giese, M.; Barcikowski, S.; Gökce,
B. Plasmonic seasoning: Giving color to desktop laser 3D printed polymers by highly dispersed nanoparticles. Adv. Opt. Mater.
2020, 8, 2000473. [CrossRef]

32. Chatham, C.A.; Long, T.E.; Williams, C.B. A review of the process physics and material screening methods for polymer powder
bed fusion additive manufacturing. Prog. Polym. Sci. 2019, 93, 68–95. [CrossRef]

33. Lüddecke, A.; Pannitz, O.; Zetzener, H.; Sehrt, J.; Kwade, A. Powder properties and flowability measurements of tailored
nanocomposites for powder bed fusion applications. Mater. Des. 2021, 202, 109536. [CrossRef]

34. Hesse, N.; Winzer, B.; Peukert, W.; Schmidt, J. Towards a generally applicable methodology for the characterization of particle
properties relevant to processing in powder bed fusion of polymers—From single particle to bulk solid behavior. Addit. Manuf.
2021, 41, 101957. [CrossRef]

35. Pigliaru, L.; Rinaldi, M.; Ciccacci, L.; Norman, A.; Rohr, T.; Ghidini, T.; Nanni, F. 3D printing of high performance polymer-bonded
PEEK-NdFeB magnetic composite materials. Funct. Compos. Mater. 2020, 1, 1–17. [CrossRef]

36. Rwei, S.-P.; Ranganathan, P.; Lee, Y.-H. Isothermal crystallization kinetics study of fully aliphatic PA6 copolyamides: Effect of
novel long-chain polyamide salt as a comonomer. Polymers 2019, 11, 472. [CrossRef]

37. Gogolewski, S.; Czerntawska, K.; Gastorek, M. Effect of annealing on thermal properties and crystalline structure of polyamides.
Nylon 12 (polylaurolactam). Colloid Polym. Sci. 1980, 258, 1130–1136. [CrossRef]

38. Jenike, A.W. Storage and Flow of Solids; Bulletin No. 123 of the Utah Engineering Experiment Station; The University of Utah: Salt
Lake City, UT, USA, 1976; Volume 53, No. 26.

39. Dadbakhsh, S.; Verbelen, L.; Verkinderen, O.; Strobbe, D.; Van Puyvelde, P.; Kruth, J.-P. Effect of PA12 powder reuse on coalescence
behaviour and microstructure of SLS parts. Eur. Polym. J. 2017, 92, 250–262. [CrossRef]

40. Hartley, P.; Parfitt, G.; Pollack, L. The role of the van der Waals force in the agglomeration of powders containing submicron
particles. Powder Technol. 1985, 42, 35–46. [CrossRef]

41. Pinchuk, A. Size-dependent Hamaker constant for silver nanoparticles. J. Phys. Chem. C 2012, 116, 20099–20102. [CrossRef]
42. Powell, A.W.; Stavrinadis, A.; De Miguel, I.; Konstantatos, G.; Quidant, R. White and brightly colored 3D printing based on

resonant photothermal sensitizers. Nano Lett. 2018, 18, 6660–6664. [CrossRef]
43. Schmid, M.; Kleijnen, R.; Vetterli, M.; Wegener, K. Influence of the origin of polyamide 12 powder on the laser sintering process

and laser sintered parts. Appl. Sci. 2017, 7, 462. [CrossRef]
44. Guo, J.; Bai, J.; Liu, K.; Wei, J. Surface quality improvement of selective laser sintered polyamide 12 by precision grinding and

magnetic field-assisted finishing. Mater. Des. 2018, 138, 39–45. [CrossRef]
45. Cai, Z.; Bao, H.; Zhu, C.; Zhu, S.; Huang, F.; Shi, J.; Hu, J.; Zhou, Q. Structure evolution of polyamide 1212 during the uniaxial

stretching process: In situ synchrotron wide-angle X-ray diffraction and small-angle X-ray scattering analysis. Ind. Eng. Chem.
Res. 2016, 55, 7621–7627. [CrossRef]

46. Dai, R.; Huang, M.; Ma, L.; Liu, W.; He, S.; Liu, H.; Zhu, C.; Wang, Y.; Zhang, Z.; Sun, A. Study on crystal structure and phase
transitions of polyamide 12 via wide-angle X-ray diffraction with variable temperature. Adv. Compos. Hybrid Mater. 2020, 522–529.
[CrossRef]

47. Ma, N.; Liu, W.; Ma, L.; He, S.; Liu, H.; Zhang, Z.; Sun, A.; Huang, M.; Zhu, C. Crystal transition and thermal behavior of Nylon
12. e-Polymers 2020, 20, 346–352. [CrossRef]

48. Stamhuis, J.; Pennings, A. Crystallization of polyamides under elevated pressure: Pressure-induced crystallization from the melt
and annealing of folded-chain crystals of nylon-12, polylaurolactam under pressure. Polymer 1977, 18, 667–674. [CrossRef]

49. Wang, D.; Shao, C.; Zhao, B.; Bai, L.; Wang, X.; Yan, T.; Li, J.; Pan, G.; Li, L. Deformation-induced phase transitions of polyamide
12 at different temperatures: An in situ wide-angle x-ray scattering study. Macromolecules 2010, 43, 2406–2412. [CrossRef]

50. Ramesh, C. Crystalline transitions in nylon 12. Macromolecules 1999, 32, 5704–5706. [CrossRef]

124



Materials 2021, 14, 5322

51. Cojazzi, G.; Fichera, A.; Garbuglio, C.; Malta, V.; Zannetti, R. The crystal structure of polylauryllactam (nylon 12). Die Makromol.
Chem. 1973, 168, 289–301. [CrossRef]

52. Rhee, S.; White, J.L. Crystal structure and morphology of biaxially oriented polyamide 12 films. J. Polym. Sci. Part B Polym. Phys.
2002, 40, 1189–1200. [CrossRef]

125





MDPI
St. Alban-Anlage 66

4052 Basel
Switzerland

Tel. +41 61 683 77 34
Fax +41 61 302 89 18

www.mdpi.com

Materials Editorial Office
E-mail: materials@mdpi.com

www.mdpi.com/journal/materials





ISBN 978-3-0365-5882-0 

MDPI  

St. Alban-Anlage 66 

4052 Basel 

Switzerland

Tel: +41 61 683 77 34

www.mdpi.com


	A9R1kwhud_b9hrtp_2uk.pdf
	[materials] New Frontiers in Materials Design for Laser Additive Manufacturing.pdf
	A9R1kwhud_b9hrtp_2uk

