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polymers

Editorial

Smart Composites and Processing
Kwang-Jea Kim

DTR VMS Italy S.r.l., Via S. Antonio n. 59, Passirano, 25050 Brescia, Italy ; kwangjea.kim@gmail.com

Polymer composites have been at the forefront of research in recent decades as a result
of the unique properties they provide for utilization in numerous applications.

The factors affecting the manufacturing of a smart composite includes the choice of in-
gredients such as polymer, filler and additives as well as their unique composition [1]. These
include polymers (modification, blending, general/engineering/super engineering plastic),
rubber (natural rubber (NR), EPDM, silicone, TPE, specialty rubber), fibers (size, shape,
dispersion/distribution, reinforcement, electrical/thermal conduction, biodegradable,
cellulose-, glass-, carbon-, graphene-, aramid-, etc.), and additives (synergistic/antagonistic,
anti-degradation, interfacial-adhesion, silane hybrid composites) [2,3]. An example of
interfacial adhesion is bifunctional silane [e.g., bis(triethoxysilyilpropyl)disulfide (TESPT)
and bis(triethoxysilyilpropyl)tetrasulfide (TESPD)] in a silica-filled rubber system. In the
silica filled system, bifunctional silane chemically bonds silica and NR, and not only assists
in the dispersion of silica agglomerates in the rubber chain [4,5], but also increases the
interfacial interaction between the two materials by chemical bonding [6].

Figure 1 shows the TESPT effect on chemical bonding between silica and NR. Silanes
represent smart materials, which change the properties of rubber and plastic composites
significantly, as shown above. It was applied for smart/green tire composites, anti-vibration
rubber composites, and plastic composites [7,8].
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Figure 1. SEM photograph of silica-NR compound (a) without silane, (b) with silane (TESPT) [6]. 
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Figure 1. SEM photograph of silica-NR compound (a) without silane, (b) with silane (TESPT) [6].

Additionally, the smart processing of polymer composites improves the construction
of polymer composites, which is influenced by the choice of mixers, processing condition,
processing technique, use of a 3D printer, etc. These include the mixing mechanisms
[mixer (internal/open), intermeshing/tangential type (rotor type and screw configuration),
reactive mixing (temperature/speed at each stage, curing condition (pre/post), mixing
sequence, mold design and molding technique (filler orientation, simulation, pre-treatment
(chemical, thermal . . . )) etc.] [4,5,9–13].

These contribute to the construction of advanced polymer composites for high-performance
automotive and aerospace parts, advanced electronic devices, environmentally friendly
goods, sensors, and other such uses.
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“Smart Composites and Processing” is a newly opened Special Issue (SI) of Polymers,
which aims to publish original and review papers on the new scientific and applied research
and make boundless contributions to the findings and understanding of various smart
composites and smart processing.
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Article

Understanding the Influence of Gypsum upon a Hybrid Flame
Retardant Coating on Expanded Polystyrene Beads
Sangram P. Bhoite 1,† , Jonghyuck Kim 2,†, Wan Jo 2, Pravin H. Bhoite 3, Sawanta S. Mali 1 , Kyu-Hwan Park 2,*
and Chang Kook Hong 1,*

1 School of Chemical Engineering, Chonnam National University, Gwangju 61186, Korea
2 HDC HYUNDAI EP R & D Center, Yongin-si 16889, Korea
3 Department of Chemistry, Kisan Veer Mahavidyalaya, Wai 412803, Maharashtra, India
* Correspondence: kyu@hdc-hyundaiep.com (K.-H.P.); hongck@chonnam.ac.kr (C.K.H.)
† These authors contributed equally to this work.

Abstract: A low-cost and effective flame retarding expanded polystyrene (EPS) foam was prepared
herein by using a hybrid flame retardant (HFR) system, and the influence of gypsum was studied.
The surface morphology and flame retardant properties of the synthesized flame retardant EPS were
characterized using scanning electron microscopy (SEM) and cone calorimetry testing (CCT). The
SEM micrographs revealed the uniform coating of the gypsum-based HFR on the EPS microspheres.
The CCT and thermal conductivity study demonstrated that the incorporation of gypsum greatly
decreases the peak heat release rate (PHRR) and total heat release (THR) of the flame retarding EPS
samples with acceptable thermal insulation performance. The EPS/HFR with a uniform coating and
the optimum amount of gypsum provides excellent flame retardant performance, with a THR of
8 MJ/m2, a PHRR of 53.1 kW/m2, and a fire growth rate (FIGRA) of 1682.95 W/m2s. However, an
excessive amount of gypsum weakens the flame retardant performance. The CCT results demonstrate
that a moderate gypsum content in the EPS/HFR sample provides appropriate flame retarding
properties to meet the fire safety standards.

Keywords: hybrid flame retardant materials; influence of gypsum; minimum total heat release

1. Introduction

Fire safety via the use of insulating materials is of prime priority in secure building
construction. In the last two decades, expanded polystyrene foam (EPS) has become one of
the main products in the insulation market due to its moisture resistance, good chemical
resistance, and excellent thermal insulation [1–4]. Nevertheless, the highly flammable
nature of EPS foam limits its application in the construction industry [5,6]. In recent years,
many serious fire tragedies have resulted from the poor flame retardation properties of EPS
foam. This represents a serious threat to civilian lives [7,8]. Therefore, it is an immense
challenge for industries and researchers to boost the flame resisting properties of EPS foam.
Nowadays, researchers focus on the incorporation of various flame retarding materials
onto the EPS foam in order to enhance its fire retarding performance, with halogen-free
flame retardants now being widely used in the academic and industrial sectors [9].

Among the various flame-retardant additives, intumescent flame retardants (IFRs) are
widely used due to their environmental friendliness, low smoke production, and nontoxic
properties [10,11]. It is well known that multiple phenomena occur during the combustion
of polymeric materials. Thus, during the combustion of EPS foam, the IFR can generate
a homogeneous protective char layer that both acts as a barrier to oxygen and heat, and
suppresses smoke production, thereby enhancing the flame-retardant capability of the
underlying materials [12–15]. In previous work, we prepared a flame-retardant expanded
polystyrene foam, and found that, during combustion, the IFR material produced an
expanded char layer which acted as an insulating barrier to inhibit heat transfer [16].
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Therefore, the formation of an effective and continuous protective char layer is regarded
as important for boosting flame retardancy. However, traditional IFR additives are less
efficient than halogen-based flame retardants and require significant loadings in order to
meet the desirable flammability standards [17]. To overcome this issue, studies suggest
that the combination of multiple flame-retardant elements to achieve a synergistic effect
would be the best choice [18]. Nevertheless, halogenated flame retardants are still the most
efficient flame-retardant materials, and while they may cause environmental issues in some
situations, there remains no promising alternative. For example, the bromine-containing
molecule decabromodiphenyl ethane (DBDPE) greatly facilitates the gas phase activity of
this flame retardant. Several studies suggested that DBDPE does not release the toxic and
carcinogenic polybrominated dibenzo-p-dioxin (PBDD) and polybrominated dibenzofuran
(PBDF) gases during combustion due to the absence of ether linkages [19–24].

Meanwhile, numerous studies demonstrated that an outstanding flame-retardant per-
formance can be achieved by combining the flame-retardant additives with inorganic flame-
retardant fillers, thereby decreasing the proportion of combustible polymers present [25–27].
Moreover, while the addition of a single filler is often less efficient, and does not meet
the requisite flammability standards, studies suggest that the combination of multiple
mineral fillers can greatly facilitate the flame retarding performance [28,29]. Presently, talc
and calcium carbonate (CaCO3) are widely established as flame retardant fillers due to
their affordability and thermal stability [30,31]. However, gypsum has attracted particular
attention due to its environmental friendliness, cost-effectiveness, thermal stability, and
excellent fire resistance [32–36]. Pure gypsum, also known as calcium sulfate dihydrate
(CaSO4·2H2O), occurs naturally in crystal form with two water molecules in the crystalline
structure. When the gypsum is exposed to heat, these water molecules are gradually re-
leased, thereby decreasing the temperature of the polymer matrix and reducing the oxygen
concentration. Hence, the dehydrated calcium sulphate formed during combustion of the
composite material settles onto the surface to form a protective layer of noncombustible
material, thereby greatly contributing to the formation of a fire-resistant barrier against
the transfer of heat and gas [37]. Moreover, a polymer binder can be incorporated in the
composite material in order to consolidate the flame-retardant ingredients. In this respect,
the industrial process is presently focused on the development of water-based formulations
due to environmental concerns [38]. Hence, ethylene vinyl acetate emulsion (EVA) is
presently used as a binder in the preparation of water-based formulations due to its good
adhesion capacity and low-cost.

The present work examined the influence of gypsum upon a novel hybrid flame retar-
dant (HFR) that incorporates ammonium polyphosphate (APP), pentaerythritol (PER), de-
cabromodiphenyl ethane (DBDPE), expandable graphite (EG), calcium carbonate (CaCO3),
and talc, which is applied onto the expanded polystyrene (EPS) foam. The thermal per-
formance and flame retardancy of the as-fabricated EPS foam were investigated via a
thermogravimetric analysis (TGA) and the cone calorimetry test (CCT). The results indicate
that the optimized gypsum-based HFR plays a key role in boosting the flame resistance
properties of the EPS foam, with a total heat release (THR) of 8 MJ/m2, a peak heat release
rate (PHRR) of 53.1 kW/m2, and a fire growth rate (FIGRA) of 1682.95 W/m−2s. In addi-
tion, scanning electron microscopy (SEM), and energy dispersive spectroscopy (EDS) were
used to investigate the combustion behavior of the residual char. To the best of the authors’
knowledge, this is the first time that the coating of EPS foam with a gypsum-based HFR
material has been reported for improved flame-retardant performance.

2. Materials and Methods
2.1. Materials

The expanded polystyrene (EPS) beads, ammonium polyphosphate (APP, purity > 98%),
pentaerythritol (PER, purity 98%), calcium carbonate (CaCO3, purity > 98.5%), decabro-
modiphenyl ethane (DBDPE, purity 99%), talc (whiteness: 94.0 ± 1%, particle size:
11.0 ± 2 µm), and EVA emulsion (G3, solid content 56.5%,) were obtained from HDC
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Hyundai EP Co., (Seoul, Korea). The expandable graphite (EG, purity: 99%, size 270 µm)
was purchased from Yuil Chemi Tech Co. Ltd., (Seoul, Korea). The gypsum (purity > 96%)
was provided by Namhae Chemical Corporation, (Yeosu, Korea).

2.2. Preparation of the Gypsum-Based HFR Formulation

The gypsum-based HFR materials were prepared according to the parameters listed
in Table 1. In brief, a fixed amount of binder 55 g; (APP:PER:DBDPE:CaCO3 = 15:5:5:5 by
mass) was added to 40 g of EG and 0, 9, 12, or 15 g of gypsum in 95, 104, 110, or 114 mL
of distilled water, and stirred at room temperature for 48 h to obtain the flame-retardant
solutions labelled as HFR0, HFR9, HFR12, and HFR15, respectively.

Table 1. The preparative parameters of the gypsum-based HFR formulations.

Sample Binder a (g) Gypsum (g) EG (g) Water (mL)

HFR0 55 0 40 95
HFR9 55 9 40 104

HFR12 55 12 40 110
HFR15 55 15 40 114

a Hybrid flame retardant additive composition was used as APP:PER:DBDPE:CaCO3 =15:5:5:5 by mass.

2.3. Preparation of the Flame-Retardant EPS Foam

A simple mixing method was used for the preparation of the flame-retardant EPS
foam. When performing the typical procedure, EPS microspheres (13 g) and a HFR sample
were mixed in a 1:3 ratio, and the uniformly coated EPS spheres were then transferred
into a cuboid mold and hot pressed at 90 ◦C for 6 h. The cured cuboid EPS foam with the
dimensions of 100 × 100 × 50 mm3 was carefully removed from the mold and dried in an
oven at 60 ◦C for 24 h. The EPS samples that were prepared using HFR0, HFR9, HFR12,
and HFR15 were correspondingly labelled as EPS, EPS/HFR0 EPS/HFR9, EPS/HFR12,
and EPS/HFR15.

2.4. Characterization

The surface morphologies of the various EPS/HFR samples and the char residues
obtained after combustion were recorded using a scanning electron microscope (SEM;
S-4700, Hitachi). Thermogravimetric analyses (TGA; TA Instruments SDTA 851E) of the
EPS and EPS/HFR samples were performed at a heating rate of 10 ◦C/min from room
temperature (RT) to 800 ◦C under a nitrogen atmosphere. The flame-retardant behavior
was measured by applying a butane spray gun jet at a distance of 5 cm from the cuboid
HFR/EPS sample for complete combustion and the combustion test was monitored by
recording digital photographs. To assess the flammability behaviors of the samples in
a real fire, their peak heat release rate (PHRR), total heat release (THR), and fire growth
rate (FIGRA) were evaluated via the cone calorimetry test (CCT) using a standard cone
calorimeter (Fire Testing Technology Limited, UK) according to the ISO5660 standard under
an external heat flux of 50 kW/m2 for 600 s. The thermal conductivity coefficient of the neat
EPS and flame-retardant EPS foam was measured with a thermal conductivity analyzer
(Dow chemical, Yeosu-si, Korea Ltd.). The specimen dimensions were 200 × 200 × 20 mm3.

3. Results and Discussion
3.1. Thermogravimetric Analysis (TGA)

The thermal degradation behaviors of the various EPS samples are illustrated by the
TGA curves in Figure 1. Here, the neat EPS clearly exhibited one-stage decomposition, with
100% weight loss taking place in the temperature range of 350 to 450 ◦C, so that no char
residue remained after thermal decomposition [39]. By comparison, the hybrid EPS/HFR0
sample exhibited a significantly lower initial decomposition temperature, with a major
weight loss between 180 and 460 ◦C due to the early decomposition of the EG and the
increasing reaction between the flame-retardant additives, which led to a certain amount of
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residue char remaining at 800 ◦C. In detail, when the temperature rises above 180 ◦C, the
EG begins to decompose and release sulfur dioxide [40,41], while the APP component of the
binder begins to decompose to release water and ammonia; these decomposition products
react to form polyphosphoric acid. Further, at temperatures between 200 and 300 ◦C,
the polyphosphoric acid reacts with the hydroxyl group of the PER component of the
binder to form a phosphate ester, which leads to the formation of char [42]. At 300–440 ◦C,
however, the DBDPE component of the binder begins to decompose and release bromine
radicals, which react to decrease the oxygen concentration and accelerate the gas phase,
thereby boosting the flame retardancy [43–45]. Above 440 ◦C, an additional weight loss was
observed due to the reaction of the talc and calcium carbonate components of the binder
with the polyphosphate network [46–48]. With the addition of gypsum (CaSO4·2H2O), the
initial decomposition temperature decreased slightly relative to that of EPS/HFR0 due to
dehydration of the gypsum to form thermally stable calcium sulfate (CaSO4) [49]. This
led to an increase in the final residual weight from 0% for the neat EPS and 19.30% for the
EPS/HFR0 to 27.46, 27.80, and 30.52% for the EPS/HFR9, EPS/HFR15, and EPS/HFR12,
respectively. These results suggest that the thermally stable CaSO4 interacts with HFR to
form a thermally stable char layer structure, which acts as an effective barrier against heat
and mass transfer during the combustion process, thereby enhancing the flame-retardant
performance of the EPS/HFR foam.
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Figure 1. The TGA curves of the neat EPS and flame-retardant EPS samples obtained under a nitrogen
atmosphere at a heating rate of 10 ◦C/min.

3.2. Microstructural Study

The surface morphologies of the EPS before and after the application of the flame-
retardant coating are revealed by the SEM images in Figure 2. Here, the neat EPS exhibits
a spherical shape with a very smooth surface morphology (Figure 2a). Further, the cross-
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sectional image in Figure 2b clearly shows the absence of any coating between the neat
EPS beads. Due to its chemical composition, the EPS undergoes a radical chain reaction
during combustion, thereby generating volatile products that can act as fuels for the
production of toxic black smoke. By contrast, the SEM image of the EPS/HFR12 sample in
Figure 2c confirms the successful coating of the EPS microsphere with the gypsum-based
HFR materials, and the cross-sectional image in Figure 2d reveals the formation of the
gypsum-based HFR coating between two adjacent EPS beads. During combustion, these
flame-retardant coating materials can generate a compact char layer that can act as an
effective fireproofing barrier, thereby improving the flame resistance performance of the
EPS foam.
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3.3. Combustion Behavior

The photographic images of the neat EPS and the various flame-retardant EPS foams
that were captured after the combustion test are presented in Figure 3. The neat EPS
sample was observed to generate a smoky and sooty flame during the combustion process,
and no residue was detected after combustion (Figure 3a). By contrast, the image in
Figure 3b reveals the broken and expanded char layer and somewhat collapsed structure of
the combusted EPS/HFR0. Moreover, although a similar char residue was observed for
the flame-retardant EPS/HFR9 sample shown in Figure 3c, the structural integrity was
better preserved than in the EPS/HFR0 sample. These results clearly demonstrate the
improved flame-retardant performance of the coated EPS foam. Further, the increased
gypsum content in the EPS/HFR12 sample was found to generate a dense and compact char
foam without any cracking (Figure 3d). This can provide an even more effective thermal
barrier, thus further enhancing the flame retardancy. However, the further increase in
gypsum contents for the EPS/HFR15 sample led to the formation of voids in the char layer
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(Figure 3e). Here, the compactness and expansion ratio of the char layer were negatively
impacted by the large amount of CaSO4, which impeded the diffusion of oxygen, heat,
and combustible gases, thereby hindering the decomposition and volatilization of APP.
Furthermore, the low integrity of this char layer ultimately reduces its flame-retarding
behavior. These results demonstrate that a controlled content of gypsum plays key role in
boosting the flame-retardant performance of the EPS foam, with the EPS/HFR12 sample
providing the optimum effect.
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3.4. Cone Calorimetry

The PHRR, THR, and FIGRA curves of the various samples are presented in Figure 4,
and the numerical results are summarized in Table 2. Thus, the neat EPS ignited quickly,
with high PHRR and THR values of 310.5 kW/m2 and 42.1 MJ/m2, respectively. After
coating the hybrid flame-retardant onto the EPS surface, however, the EPS/HFR0 exhibited
significantly reduced PHRR and THR values of 67.1 kW/m2 and 15.9 MJ/m2, respectively;
these results confirm that the flame-retardant coating acts as a barrier layer during the
combustion process. Furthermore, the addition of gypsum was seen to drastically reduce
these values to 57.5 kW/m2 and 13.4 MJ/m2, respectively, for the EPS/HFR9 sample, and
53.1 kW/m2 and 8.0 MJ/m2, respectively, for the EPS/HFR12 sample. With the further
increase in gypsum content, however, the PHRR and THR values increased slightly to
55.8 kW/m2 and 10.6 MJ/m2, respectively, for the EPS/HFR15 sample. These results
further demonstrate that the gypsum-based flame-retardant coating has the potential to
improve the flame retardancy of the EPS, with the EPS/HFR12 exhibiting by far the lowest
PHRR and THR values.
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Table 2. The cone calorimeter test results for the various EPS foam samples.

Sample PHRR (kW/m2) THR (MJ/m2) FIGRA (W/m2·s)

EPS 310.5 42.1 6530.8
EPS/HFR0 67.1 15.9 2764.1
EPS/HFR9 57.5 13.4 2119.0
EPS/HFR12 53.1 8.0 1682.9
EPS/HFR15 55.8 10.6 2147.2

The underlying mechanism for this improved flame-retarding behavior of the EPS
foam in the presence of gypsum is as follows. During the combustion process, the gypsum
absorbs the generated heat and releases water molecules to form the thermally stable
calcium sulphate. During this endothermic process, a further increase in temperature
is delayed until the gypsum is completely dehydrated. The resulting calcium sulphate
then provides an effective barrier to further heat flow, thereby reducing the heat transfer
during the remainder of the combustion process. The above results therefore demonstrate
that gypsum plays a key role in boosting the flame retardancy of the HFR coating during
the combustion process. However, the synergistic effect of the gypsum-based HFR relies
on a moderate content of gypsum, with higher HRR and THR values observed when
the gypsum content is increased in the EPS/HFR15 sample. The excess gypsum releases
water to form excess thermally stable CaSO4 on the surface of the char layer, which not
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only hinders the diffusion of oxygen, heat, and flammable gases, but also hampers the
decomposition and volatilization of the APP, thereby hindering the swelling process of the
char layer and, thus, reducing the flame-retardant performance.

The burning characteristics of the materials are demonstrated by the FIGRA test results
in Figure 4c and Table 2, where the lower FIGRA values of all the flame retardant-based EPS
foams relative to the pristine EPS foam indicate the increased fire safety of the composite
materials [50,51]. In detail, the EPS, EPS/HFR0, EPS/HFR9, EPS/HFR12, and EPS/HFR15
foams exhibit FIGRA values of 6530.8, 2764.1, 2119.0, 1682.9, and 2147.2 W/m2 s, respectively.
Thus, the lowest FIGRA value was obtained with the flame-retardant EPS/HFR12 sample.

3.5. Char Residue Analysis

It is well known that the flame-retardant performance of the composite material de-
pends on the compactness of the char layer that is clearly generated during the combustion
process [52]. Hence, the role of the gypsum additive in the flame-retardant coating on the
EPS foam was further elucidated by the SEM and EDS analysis of the char layer obtained
in the CC test in the presence and absence of gypsum (Figure 5). Thus, the surface of the
residual char layer on the EPS/HFR0 sample clearly exhibits some collapse structures and
holes, which facilitate the release of large amounts of heat during the combustion process
(Figure 5a). Further, the EDS analysis in Figure 5b indicates that the char residue on the
EPS/HFR0 sample contains only C, O, Si, P, and Ca, with no S. In the presence of gypsum,
however, the formation of a dense and compact residual char layer was detected on the
EPS/HFR12 sample (Figure 5c), with severely limited voids compared to the EPS/HFR0
sample (Figure 5a). This more compact char would be beneficial for reducing heat transfer
during the combustion process. Moreover, the EDX spectrum of the char residue on the
EPS/HFR12 sample in Figure 5d reveals the presence of S, along with higher Ca and O
contents than in the EPS/HFR0 (Figure 5b), clearly indicating the presence of the thermally
stable CaSO4. Thus, the SEM-EDS results confirm the beneficial effects of the gypsum
additive in enhancing the flame-retardant performance of the EPS foam not only via the
endothermic dehydration process and formation of the insulating CaSO4 layer, as detailed
above, but also via the expansion of the EG, which releases non-flammable gases and gen-
erates a worm-like char layer. Similarly, the APP content of the binder begins to decompose
and release incombustible gases such as NH3 and H2O, thereby resulting in the formation
of polyphosphoric acid, as detailed in Section 3.1. The esterification reaction between
this phosphoric acid and the hydroxyl group of the PER in the binder then results in the
formation of a char framework. In addition, the DBDPE content of the binder decomposes
and releases bromine radicals, which accelerate the gas phase and suppress the spreading of
the flame. Meanwhile, the talc and CaCO3 components react with the phosphoric network
to form a silicon phosphate and calcium phosphate, thereby resulting in the formation of
a thermally stable and dense, compact char, which further enhances the flame resistance
of the EPS foam by helping to reduce the PHRR and THR during combustion. Thus, the
as-fabricated gypsum-based HFR materials can effectively limit the combustion process of
the EPS material.
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3.6. Physical Properties

In order to use a material for thermal insulation application, the EPS foam must
not only be able to fulfill the demand for flame-retardant performance, but it should
also possess essential physical properties, such as density and thermal conductivity. The
influence of gypsum with hybrid flame retardant materials on the density and thermal
conductivity of EPS foams was tested, and the results are listed in Table 3. In comparison
to neat EPS foam, the density of flame-retardant-based EPS foam increased. The neat
EPS foam exhibited a density of 26 kg/m3, which increased to 68 kg/m3 for EPS/HFR0.
We observe that with the incorporation of gypsum, the density of flame-retardant EPS
improved to up to 71 kg/m3 (for EPS/HFR9), 72 kg/m3 (for EPS/HFR12), and 74 kg/m3

(for EPS/HFR15). This increased density may be caused by the uniform adhesion of the
flame-retardant coatings on the surface of the EPS beads, which may be attributed to the
increase in gypsum content in hybrid flame retardant systems.

Table 3. Physical properties of the neat EPS and flame-retardant-based EPS foam.

Sample Density (kg/m3) Thermal Conductivity (W/m.K)

EPS 26 0.028
EPS/HFR0 68 0.038
EPS/HFR9 71 0.038
EPS/HFR12 72 0.038
EPS/HFR15 74 0.038

The thermal conductivity is a vital index for measuring the thermal insulation per-
formance of EPS foam. This signifies its suitability in thermal insulating applications.
Our results indicate that neat EPS exhibits a very low thermal conductivity 0.028 W/m.K.
However, we observed an enhanced thermal conductivity of up to 0.038 W/m.K for the
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EPS/HFR0 system. It was also found that the thermal conductivity of flame-retardant EPS
with and without gypsum contents remained unchanged and was observed as identical to
the 0.038 W/m.K value. It was determined that the thermal conductivity of flame-resistant
EPS foam may be significantly enhanced with acceptable thermal insulation properties.

4. Conclusions

A gypsum-based hybrid flame retardant (HFR) system was prepared herein in order
to boost the flame-retardant performance of expanded polystyrene (EPS)-based foam
materials. The morphological analysis confirmed that the gypsum-based HFR layer was
uniformly coated on the EPS beads. In addition, thermogravimetric analysis (TGA) showed
that the gypsum significantly enhanced the final residual weight at 800 ◦C. Importantly,
the cone calorimetry test (CCT) results showed that the addition of an optimum amount
(12 g per 55 g of binder) of gypsum effectively reduced the peak heat release rate (PHRR),
total heat release (THR), and fire growth rate (FIGRA) values to 53.1 kW/m2, 8 MJ/m2 and
1682.95 W/m−2 s, respectively. In addition, the char residue analysis demonstrated that
the incorporation of gypsum provides a thermally stable and compact char layer, thereby
boosting the flame-retardant properties of the EPS foam. However, an excessive amount
of gypsum (15 g per 55 g of binder) was found to restrict the formation of the hybrid char
products and destroy the swelling behavior of the charred layer, thereby compromising
the flame-retardant performance of the HFR. The authors believe that the addition of
the optimum amount of gypsum (12 g per 55 g of binder) provides HFR with promising
flame-retardance and satisfies the fire-safety standards.
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Abstract: We reviewed the accelerators, the hydrolysis and condensation reaction mechanism of
bifunctional alkoxy silane, and the mechanism of zinc ion in natural rubber (NR) composites. NR
composites transform into thermoset composites after vulcanization reaction with help of sulfur
and accelerators. Bifunctional alkoxy silanes chemically bond between NR and inorganic silica. For
alkoxy silane coupling with silica surface, hydrolysis reaction takes first and then condensation
reaction with hydroxyl group in silica takes place. With help of zinc ion the reaction efficiency
increases significantly. Zinc ion, a smart material that increases accelerator synergy, mechanism for
improvements of interfacial adhesion between NR and silica was revisited.

Keywords: silica; silane; natural rubber (NR); hydrolysis; interfacial adhesion; zinc mechanism

1. Introduction

Silica-silane filled natural rubber (NR) composites, as a tire tread material, are currently
used in various fields as a smart composite replacing the conventional carbon black (CB)
tire composites. Compared with CB filled NR tire, it shows excellent performance such
as improved fuel efficiency due to low rolling resistance, reduced braking distance due to
slip resistance due to high tan delta, and improved traction in snow and wet conditions
when driving a vehicle. Currently many vehicles use a green tire (silica filled tire) [1]. It
is called green tire because it has green strength during silica composite processing. The
green tire composite has differences in interfacial bonding compared to the CB compound.
And even now, various efforts are being made to increase the efficiency of interfacial
bonding. Compared with the CB filled NR composite system, in both systems the interfacial
interaction in the silica-silane filled NR composite has the same mechanism for chemical
bonding of rubber by sulfur, but the interfacial interaction between filler and NR is different.
That is, the CB filled system forms a bond by interaction between CB and NR by increasing
compatibility due to the π-π interaction between the double bonds of the two materials.
However, in the silica filled system, as bifunctional silane chemically bonds silica and NR,
the interfacial interaction between the two materials increases by chemical bonding.

Until now, there was no published article introducing the mechanism for the entire
process of the chemical reaction from the raw material to the silica-silane-NR composite to
increase the interfacial interaction. This paper briefly summarizes the whole process above.
We first reviewed the accelerators that affect the degree and rate of bonding between rubber
chains, and reviewed the hydrolysis mechanism of alkoxy silane and the condensation
reaction mechanism between hydrolyzed silane and hydroxyl group on silica surface. And
the chemical reaction mechanism between bifunctional silane and rubber was reviewed.
Zinc ion, a smart material that effectively increases accelerator synergy and increases the
effectiveness of vulcanization, was also reviewed.
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2. Materials and Methods
2.1. Accelerators

Various additives are added to rubber composite such as filler, plasticizer, compatibi-
lizer, anti-degradant, processing aid, curative, accelerator, etc. A typical curative used in
rubber is sulfur, which chemically promotes bonding between rubber chains to increase
interfacial adhesion between chains. Accelerators play a role in controlling the degree
and rate of chemical reaction between sulfur and rubber chains. Cure time or degree of
crosslinking is different depending on the type of accelerator thus the choice of accelerator
is different depending on the composite and processing purpose. First, we revisit the
history of accelerators.

Goodyear-Hancock first showed unaccelerated vulcanization of rubber [2,3]. Later,
organic accelerator, aniline, was first introduced in 1906 [4]. However, aniline was too toxic for
use in rubber vulcanization. Later, reaction product of aniline with carbon disulfide such as
thiocarbanilide was introduced in 1907 [5]. Subsequently carbon disulfide modification with
aliphatic amines (e.g., dithiocarbamates), which thiuram type accelerators were introduced in
1919 [6]. And then delayedaction accelerators such as 2-mercaptobenzothiazole (MBT) and
2-mercaptobenzothiazole disulfide (or 2,2′-dithiobisbenzothiazole) (MBTS) were introduced
in 1925 [7–9]. The first commercial benzothiazole sulfenamide (N-cyclohexylbenzothiazole
2-sulfenamide), a delayed-action accelerator, was introduced by Harman in 1937 [10]. More
delayed-action premature vulcanization inhibitor (PVI), N-(cyclohexylthio)phthalimide
(CTP), was introduced in 1968 [11]. Studies on accelerator effects on vulcanization were
focused mainly on CB filled systems. Various types of accelerators and their roles in
CB filled rubber compounds were summarized [6]. Thurn et al. [12] first discovered
the use of silica in combination with bis(3-triethoxysilylpropyl) tetrasulfane (TESPT) and
NR, and this was patented for practical ‘green tire’ application in 1992 [13]. Since then,
considerable efforts have been made on studies of silica-silane reinforcement in rubber
compounds [14], silica dispersion [15–19], silica-silane reaction [15,16,20–28], silane-rubber
reaction [29–31], zinc ion- [26,32–35], moisture- [36,37], temperature- [38], and accelerator
effects on vulcanization properties [39,40], effects of processing geometry [19], and effects
of polymer blends [27,28,41,42].

There were many studies on accelerator effects on vulcanization properties of CB filled
rubber compounds [39,40,43–45]. For example, thiazole type accelerators on crosslink-
ing rate in the NR compound [43] and NR & synthetic poly-1,5-dienes [44] were stud-
ied. Sulfenamide type accelerators on rate of sulfenamide-sulfur reaction [45] and scorch
delay reaction in the NR & SBR compound [46] were studied. Vulcanization rate of sil-
ica/NR compounds and CB/NR compounds, which contain various accelerators were
directly compared [1,35,40]. These accelerators consist of different chemical structure, i.e.,
thiuram type, TMTD (tetramethylthiuram disulfide) and DPTT (dipentamethylenethiu-
ram tetrasulfide); thiazole type, MBT (2-mercaptobenzothiazole) and MBTS (2,2dithio-
bis(benzothiazole)); sulfenamide type, CBS (n-cyclohexylbenzothiazyl-2-sulfenamide) and
NOBS (n-oxydiethylenebenzothiazyl-2-sulfenamide)]; and zinc ion containing thiuram
type ZDBC (zinc di-n-butyldithiocarbamate)]. The order of accelerator reaction was thiu-
ram(TMTD,DPTT), thiazole(MBT,MBTS), and then sulfonamide(CBS,NOBS) types due to
their chemical structure [1].

2.2. Silica vs. CB

Comparing silica surface with CB, silica surface consists of Si-O bonds with hydroxyl
groups (-OH), while CB mainly consists of C-C and C=C bonds. Silica particles exhibit a
strong filler-filler interaction due to its polar (Si+δ-O−δ) character due to differences in elec-
tro negativity between Si(3.5) and O(1.9) thus easily agglomerate each other, while CB shows
a weak C=C interaction due to the presence of a π-π bond, thereby showing good compati-
bility with rubber chains, which contain a double bond. The π-π bonds and/or oxygen on
the CB surface interact with double bonds (π-π) in the rubber chain, which shows good
compatibility with the rubber chain. Therefore, the dispersion of CB is better than that of
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silica in the rubber matrix. On the other hand, modification of the silica surface with silanes,
particularly with bifunctional organosilanes, such as bis(triethoxysilyilpropyl)disulfide
(TESPT) and bis(triethoxysilyilpropyl)tetrasulfide (TESPD), assists in the dispersion of silica
agglomerates in the rubber chain [18,24]. The chemical reaction between silica and silane as
well as silane and rubber modifies the network of the rubber matrix [23]. It has been known
that hydroxyl group on silica surface chemically reacts with hydroxyl group in hydrolyzed
silane via condensation reaction, and then forms a 3-dimensional (3D) network structure
with a rubber chain [15,16,23]. Hence, the filler network constant (filler network interaction
parameter) of silane-modified silica is different from CB filled systems. This makes an
interpretation of the in-rubber structure of the modified silica system more difficult.

In silica/NR composites, the order of accelerator reaction was the same as shown in the
CB filled system, i.e., thiuram (TMTD, DPTT), thiazole (MBT, MBTS), and then sulfonamide
(CBS, NOBS) types due to their chemical structure. However, silica/NR composites showed
a slower vulcanization rate (ts12, t10, t90) than the CB/NR ones for each accelerator. This is
due to two stage reaction in silica-silane/NR composite, which are hydrolysis of alkoxy
silane and condensation reaction between hydrolyzed silane and silica surface [1].

2.3. Interfacial Interaction

For, interfacial interaction, Wolff and his coworkers introduced the in-rubber filler
structure (αF) for quantitative measurements of the filler structure [47–51]. Wolff et al. [50]
reported that the αF was constant over the entire range of carbon black filled in NR
and NBR systems. Their research focused mainly on the filler-filler interaction in rubber
compounds. On the other hand, in the case of a silica filled system, αF increased with
increasing filler concentration. Kim reviewed his research on the in-rubber structure of CB
and silane-treated silica [52].

2.4. Hydrolysis Mechanism

The hydrolysis mechanisms as well as the hydrolysis measurement technique and its
practical applications in manufacturing fields are revised by Kim [53,54]. This section re-
views the theoretical aspects of acid-catalyzed and base-catalyzed hydrolysis mechanisms.

2.4.1. Acid Catalyzed Hydrolysis

Hydrolysis means that moisture is applied to molecular chains, causing the chains of
molecules affected by moisture to break down. Moisture present in the composite affects
hydrolysis. When in contact with high-purity moisture in a neutral, low ionic state in a
non-glass container, silane maintains a stable state for several weeks or months. However,
when in contact with tap water, the hydrolysis of alkoxysilane proceeds considerably within
a few hours [55]. The catalyst applied to the hydrolysis of alkoxysilane is also applied to the
progress of the condensation reaction, and the waterborne silane improves adhesion to the
glass surface than the control silane [55]. This means that the catalyst present in moisture
significantly increases the silane bond on the silica surface. The primary reaction increases
the silanization reaction in the presence of moisture, and the secondary reaction increases
with higher moisture content [56–58]. Moisture on the silica surface favors the reaction
between the silica and the coupling agent (e.g., TESPD, TESPT), this also reducing the
interaction between silica particles [57]. The hydrolysis reaction mechanism also applies for
plastics (e.g., polyamide) [59]. Figure 1a,b shows the hydrolysis mechanism by catalysis of
base- and acid- of alkoxysilane. The reaction coordinate has a structure of polar parameter
values (ρ*) and steric parameter values (s) from the reactant to the transition state. As the
reaction proceeds, it qualitatively shows changes and charge distribution [60]. Figure 1a
shows the mechanism of acid-catalyzed hydrolysis. Five substituents exist around the
silicon atom in the form of SN2-Si. It forms a pentacoordinate intermediate state. The
approaching nucleophile and the outgoing leaving group hybridize with the silicon atom,
resulting in sp3d hybridization between the nucleophile and the remaining group. The
meaning of small values of ρ* and s is shown in Figure 1a. The reaction mechanism is
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that after rapid equilibrium protonation in the equilibrium state of the substrate, the water
molecule becomes a leaving group and a bimolecular molecule, resulting in SN2-type
displacement [61,62].

Figure 1. Hydrolysis mechanism for (a) acid catalyzed (adopted from [61,62]), (b) base catalyzed
(adopted from [61]) systems.

2.4.2. Base Catalyzed Hydrolysis

The base-catalyzed hydrolysis mechanism is illustrated in Figure 1(b). Bi-molecular
nucleophilic substitution reaction (SN2**-Si or SN2*-Si) with the coordinate intermediate;
SN2**-Si refers to the rate determination of the pentacoordinate intermediate formation
(k1 < k2), and SN2*-Si refers to the rate determination of the break-down (k1 > k2) [61]. A
large value of ρ* means that the transition state (T.S.) is more stable than the reactants by
electron withdrawing groups attached to silicon atoms. In the proposed mechanism, the
negative charge at the silicon atom in the transition state (T.S.1 or T.S.2) is quite high. A
large steric parameter (s) means that the transition state is sterically more crowded than the
reactant [62,63]. The sp3 hybridized silicon forms bonds with the introduced hydroxide
anions during rehybridization, forming the same transition state as sp3d. It forms a strongly
coupled transition state between the negative charge density and the nucleophilic oxygen
on the silicon surface [64]. Figure 2 shows the hydrolysis mechanism according to the
pH of alkoxysilane [65]. As stated by Allen model [66] and Kay & Assink model [67],
bas-catalyzed hydrolysis reaction is a condensation reaction when an alkoxy group (-(OR)3)
is replaced with a -(OSi)3 group (bottom left); When an alkoxy group (-(OR)3) is substituted
with a hydroxy group (-(OH)3) (bottom right), this is called hydrolysis. Acid hydrolysis is
significantly greater than base hydrolysis and is minimally affected by other carbon-bonded
substituents. The results of Osterholtz & Pohl [68], illustrated by Moore [69], show that
when the pH is neutral, hydrolysis occurs last, and it changes 10 times for every 1 pH
change. The condensation reaction is also affected by pH, and the minimum reaction pH is
4. The hydrolysis reaction of alcohol is reversible and stabilizes the solution for a long time.
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Figure 2. Schematic presentation of hydrolysis and condensation reaction of a trialkoxy silane;
redraw from [70].

2.5. Alkoxysilane Silanization Reaction Mechanism

Bifunctional alkoxysilanes are either direct or go through two reaction steps. Figure 2
shows the first step. After hydrolysis of the alkoxysilane by water molecules, the hy-
drolyzed silane causes a condensation reaction with the hydroxy group on the silica surface
and chemically bonds to the silica surface [70]. In the second step, the sulfur at the other
end of the silane chemically reacts with the double bond of the rubber chain. In this step,
the sulfur (S8) ring is opened and vulcanized together with the double bond of the rubber
chain. Then, a three-dimensional network is formed between silica and rubber [22,37,38,71].
This shows that the higher the degree of hydrolysis, the higher the % of the condensation
reaction.

The compatibilizer controls the phase structure by increasing the interfacial adhesion
property of the two materials by minimizing the difference in the value of the Flory-
Huggins interaction parameter of the two materials when mixing different polymers, and
thus, the applied material is reliable. In order to increase the efficiency of interfacial bonding
between the resin and the filler, an interfacial adhesive (coupling agent) is treated on the
surface of the filler to enhance the interfacial adhesion with the resin to induce chemical
bonding at the interface. The roles of the compatibilizer are reinforces the strengths of the
two materials (polymer-polymer, or polymer-filler), compensates for the weaknesses, and
serves to uniformly disperse the materials [72]. Compatibilizers are mostly classified into
non-reactive compatibilizers and reactive compatibilizers. Bifunctional silane is a reactive
compatibilizer, which reacts with the double bond between the surface of silica and the
rubber chain to chemically bond. Table 1 summarizes the structure, vulcanization form,
and application fields of silanes [73].
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Table 1. Types of silane structure, curing system and application.

Silane Structure Curing System Application

TESPT (C2H5O)3Si−(CH2)3−S4−(CH2)3−Si(OC2H5) Sulfur Tire treads, shoe soles, industrial
rubber goods

TESPD (C2H5O)3Si−(CH2)3−S2−(CH2)3−Si(OC2H5) Sulfur Tire treads,
industrial rubber goods

TCPTEO (C2H5O)3Si−(CH2)3−SCN Sulfur Shoe soles,
industrial rubber goods

MTMO (CH3O)3Si−(CH2)3−SH Sulfur Shoe soles,
industrial rubber goods

VTEO (C2H5O)3Si−CH=CH2 Peroxide Industrial rubber goods
VTEO (CH3−O−C2H4O)Si−CH=CH2 Peroxide Industrial rubber goods

CPTEO (CH3O)3Si−(CH2)3−Cl Metal oxide Chloroprene rubber
MEMO (CH3O)3Si−(CH2)3−O−C(O)C(CH3)=CH2 Peroxide Textile adhesion
AMEO (C2H5O)3Si−(CH2)3−NH2 Sulfur Special polymers, metal adhesion
OCTEO (CH3−CH2−O)3Si−(CH2)7−CH3 Sulfur, peroxide Processing aid

Figure 3 shows the condensation reaction intermediate between the hydroxyl on the
silica surface of a filler (e.g., silica, soft clay) and the hydroxyl of an alkoxy group substituted
after hydrolysis of a bifunctional silane (e.g., TESPT) [24,30]. Figure 3 shows that after
the condensation reaction, moisture is produced as a by-product. In the production site,
the generation of alcohol and moisture during green composite production is regarded as
indirect evidence that the material is chemically reacting properly.

Figure 3. Condensation reaction intermediate of silica and hydrolyzed TESPT; redraw from [24,30].

3. Hydrolysis Quantitative Analysis

Figure 4 shows the amount of residual alcohol that did not react in TESPD during
hydrolysis stage in the composite material measured by the headspace/gas chromato-
graphic(GC) technique [70]. The residual alcohol amount of the composite with water
added to silica (open circle) before mixing was lower than that of the composite with-
out water added (closed circle), and as the mixing time increased, the alcohol content of
the residual alcohol of both composites decreased. This means that the hydrolysis reac-
tion of silane and silica increases as the presence of moisture increases and the mixing
time increases.
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Figure 4. Percent of ethoxy remaining in the 3-pass vs. 2-pass compounds; adopted from [70].

Figure 5 shows that the sulfur in the bifunctional silane (e.g., TESPD or TESPT) chain
is separated from the bond between the sulfur chains, and the sulfur group at the end forms
a covalent bond with the double bond (e.g., NR, SBR) of the rubber chain [42]. Sulfur is
further activated with the help of zinc as a reaction activator [74]. That is, when silane is
not added, the size of the interaction between filler-polymer(silica-rubber) (αFP) is lower
than that of CB and rubber chains. However, when silane is added, a covalent bond is
created between the silica surface and the rubber chain through the silane as a medium, and
the bonding strength is high, so the size of the interaction (αFP: filler-polymer interaction
parameter in the material) is larger than that of the CB-rubber chain.

Figure 5. Cross-linking of unsaturated elastomers with sulfur containing silane (x = 2 or 4);
adopted from [42].

4. Effect of Sulfur Concentration of Hydrolyzed Silane

Figure 6 schematically shows the types of bonding between silica and natural rub-
ber (NR) after vulcanization of various types of silanes (e.g., triethoxysilyilpropane (TESP),
bis(triethoxysilyilpropyl)disulfide(TESPT), bis(triethoxysilyilpropyl)tetrasulfide (TESPD)) [23].
After silica and silane are combined by a hydrolysis mechanism, ethanol is produced as a
by-product and evaporates. Later, the sulfur attacks the double bond present in the NR
chain to form a covalent bond with the rubber chain. After vulcanization, it forms a 3D
structure with a different structure from silica and NR depending on the type of silane used.
Since TESP has no element to react with the double bond of rubber in the molecule, it exists
in a state sandwiched between rubber molecules as shown in Figure 6a. In TESPD, sulfur
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atom attacks the double bond in the NR chain to form a 3D structure as shown in Figure 6b.
TESPT also forms a 3D structure as shown in Figure 6c with NR with the same mechanism
as TESPD. Since TESPT has an average of 2 more sulfur per molecule compared to TESPD,
it has a higher cross-link structure than TESPD after vulcanization.

Figure 6. Schematic illustration of vulcanized silane treated silica (a) TESP (no sulfur), (b) TESPD,
and (c) TESPT; adopted from [23].

Comparing the physical properties of the silica/NR composite treated with TESPT
(S4) and treated with TESPD (S2), S4 has a higher tensile modulus and lower maximum
tensile stress, and has low tear resistance than S2. At room temperature or 100 ◦C before
and after vulcanization, S4 shows a low tan δ (delta) (=E”/E’) value due to the low E”
(loss modulus). In addition, it can be observed that the tan δ value of both composite
decreases as the temperature increases. When the blow out (BO) test was performed on the
two vulcanized composites, the S4 composite showed lower recovery from deformation
compared to the S2 one. In the HBU (heat build-up) test, S4 composite showed lower heat
generation than S2. In the abrasion loss test, S4 composite showed higher loss than S2,
which means that S4 has a more developed 3D network structure. However, in some of
the rigid 3D structures, the S4 structure may be broken earlier than the S2 when the over
critical strain is surpassed.

The results of the BO test of the silica composite treated with silane and without
treatment show a lot of difference [75].

Figure 7a shows the photos of the specimen before and after the ‘Firestone Flexometer’
BO test. Figure 7b shows the deformation ratio (%) of the picture above (Figure 7a).
After the BO test compared to the test specimen (No. 0), the NR specimens with only
silica (1&2) shows about 6-8% deformation, but the specimens with silica-silane added
(3&4 (TESPT(S4)), 5&6 (TESPD(S2))) shows a strain of about 1-3% as shown in the figure
(Figure 7b). In addition, as the concentration of ZB increased, it shows that the decrease in
strain and increase in BO time significantly. Figure 7c shows that the addition of zinc ion to
the silane/NR composite affects the increase in BO time. It also shows that the addition of
ZB played a role in maximizing the above two properties.

Figure 8 shows the SEM image of the direct 3D network structure between silica-silane
and NR [52]. Figure 8a shows a photograph of SEM observation that the silica surface does
not have interfacial interaction with NR; however, when silane (TESPT) is added, interfacial
adhesion increases between the silica surface and NR(αFP) as shown in Figure 8b.

The interaction parameter in the composite material is represented by αC, which is
expressed as αC = αF + αP + αFP. αF is the filler-filler parameter in the material, αP is the
polymer-polymer parameter in the material, and αFP is the filler-polymer parameter in
the material [52].
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Figure 7. S4 (TESPT) and S2 (TESPD) compounds before and after and with/without ZB: (a) Photo-
graph (0(Before Test), 1 (S4), 2 (S2), 3 (S4Z2), 4 (S4Z5), 5 (S2Z2), and 6 (SZ5)); (b) deformation ratio
(d/D)%; and (c) BO time (adopted from [75]).

Figure 8. SEM photograph of silica-NR compound (a) without silane, (b) with silane(TESPT) [52].

5. Zinc Ion Mechanism

Zinc ions are known to affect the improvement of the 3D network structure of the
silica-silane containing rubber compound, and this is explained by the reaction mechanism
of iron ions [32,76,77].

Zinc is a transition element and forms a compound with the active element in the
accelerator [76]. That is, due to the ‘d’ orbital of the zinc ion, it forms a stable divalent
complex with sulfur, nitrogen, and oxygen donor elements [76]. Figure 9a shows that
zinc ions form a vulcanized pre intermediate state with donor elements such as oxygen
and nitrogen [32].

The interactions of accelerators and sulfur and the crosslinking are complicated mix-
ture of reaction sequences with kinetic and thermodynamic controlling steps [74]. Both
mechanisms and kinetics seem to be controlled by the zinc compound structure. At the
vulcanization stage, the zinc ion increases the NR matrix network stronger. Zinc, as a
transient element, is known to form complexes with accelerators [77]. Many stable divalent
complexes, with sulfur, nitrogen, and oxygen donors, can form because of full ‘d’ orbitals on
zinc [76]. The complexes are typically 4, 5, or 6 coordinated. There is also evidence that π-π
allyl complexes of zinc form between zinc and simple olefins [78]. The ligand complexes,
a series of 4, 5, and 6 coordinated zinc structure explains the vulcanization process of all
the coordinate sites on zinc and the electron nature of the carboxylate using expansion and
contraction of the zinc orbitals [32]. The cross-linking mechanism with rubber matrix was
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explained by sulfur ring opening mechanism via bi-pyramidal model [32]. Two examples
shown are for the sulfur ring opening reaction as shown in Figure 9a and the formation
of the cross-linking as shown in Figure 9b. The sulfur ring opening reaction is shown as a
bi-pyramidal complex with sulfur and oxygen anions, and sulfur and two amino ligands
(residue from accelerators). The crosslinking intermediate allows for the transfer of sulfur
from the polysulfide accelerator to the rubber in a combined mechanism. The π allylic
model can be used to explain the carbon sulfur formation and types that form during
vulcanization [74]. It also can be used to explain the differences in activation energies and
reaction rates between various rubbers. This reaction binds some of the ZB onto the rubber
backbone and creates a secondary ionic network.

Figure 9. (a). Zinc Ion Effect on (a) Sulfur Ring Open Reaction Mechanism at Pre-Vulcanization Inter-
mediate State, and (b) formation of the cross-linking intermediate (π allyl complex); adopted from [32].

Overall, “the zinc ion in zinc oxide forms a pre-intermediate state between the nitrogen
(N) present in the main chain of accelerator and the oxygen (O) present on the surface of the
silica to form a pre-intermediate state between the two materials. An increase in adhesion
is achieved”. The evidence for this is the strong interfacial adhesion between NR and silica
as shown in the SEM picture in Figure 8 and the result of the increase in physical properties
as shown in Figure 7b,c.

6. Conclusions

The vulcanization process of silica filled NR composite is as follows. The alkoxy group
at one end of the silane (e.g., TESPT, TESPD) having an alkoxy function group is hydrolyzed,
and the hydrolyzed silane is subjected to condensation reaction with the hydroxyl group
on the silica surface. On the other side, a sulfur function group chemically bonds with
the double bond of NR to form a 3D network structure between silica and rubber. At this
time, under the influence of the accelerator, the degree of reaction and the rate of reaction
during crosslinking are controlled. Also, the 3D network structure is greatly increased with
the help of zinc ions. Figure 10 summarizes the mechanisms involved in the bonding of
bifunctional alkoxy silanes with silica and NR chains and the vulcanization of zinc ions.
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Figure 10. Schematic diagram of (a) hydrolysis of silane, (b) condensation between hydrolyzed silane
and silica surface, (c) chemical reaction between sulfur and rubber chain [52].
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Abstract: The hollow glass microsphere (HGM) containing polymer materials, which are named
as syntactic foams, have been applied as lightweight materials in various fields. In this study,
carboxyl group-containing hyperbranched polymer (HBP) was added to a glass fiber (GF)-reinforced
syntactic foam (RSF) composite for the simultaneous enhancement of mechanical and rheological
properties. HBP was mixed in various concentrations (0.5–2.0 phr) with RSF, which contains 23 wt%
of HGM and 5 wt% of GF, and the rheological, thermal, and mechanical properties were characterized
systematically. As a result of the lubricating effect of the HBP molecule, which comes from its
dendritic architecture, the viscosity, storage modulus, loss modulus, and the shear stress of the
composite decreased as the HBP content increased. At the same time, because of the hydrogen
bonding among the polymer, filler, and HBP, the compatibility between filler and the polymer matrix
was enhanced. As a result, by adding a small amount (0.5–2.0 phr) of HBP to the RSF composite, the
tensile strength and flexural modulus were increased by 24.3 and 9.7%, respectively, and the specific
gravity of the composite was decreased from 0.948 to 0.917. With these simultaneous effects on the
polymer composite, HBP could be potentially utilized further in the field of lightweight materials.

Keywords: syntactic foams; hyperbranched polymer; polyamide 6; hollow glass microsphere; lubri-
cant; compatibilizer; composites

1. Introduction

The international automobile market has been changing from traditional internal
combustion engines to eco-friendly vehicle development, in line with corporate average
fuel efficiency (CAFÉ) standards and automobile greenhouse gas (GHG) emission stan-
dards [1]. As economic and the environmental concerns for fuel consumption have evolved,
lightweight materials became of great interest to the automotive industry [2–7]. In order to
apply lightweight materials in the automotive industry, the mechanical strength and the
processability of the material must be accompanied by reduced specific gravity.

To reduce the specific gravity of the polymeric composite materials, numerous studies
have been actively conducted on hollow glass microsphere (HGM)-containing lightweight
syntactic foams (SFs) in various applications, such as automotive, marine, and
aerospace [8–15]. HGM exhibits a low specific gravity and high electrical and thermal
insulation properties. However, the addition of HGMs in higher contents results in the
weakening of mechanical properties of SFs [12,16]. Addition of fibrous material, such as
glass fiber (GF) or carbon fiber to SFs, can enhance the mechanical properties of the SFs;
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these are named reinforced syntactic foam (RSF) [17–19]. Nevertheless, the addition of
rigid HGM and GF particles have a detrimental effect on the processability by increasing
viscosity. Furthermore, due to the high shear of the extrusion process, HGM particles
are broken, and this breakage results in an increase in the specific gravity of the polymer
composites [9,20].

To address these issues, lubricating agents and plasticizers have been widely stud-
ied [21–24]. These materials modify the viscosity of the polymer melt, and reduce the
friction; as a result, they increase the processability of the polymer composite with their
addition in small amounts to the composites. The paraffin waxes, esters, and fatty acids
derivatives are commonly used as lubricants for polymers [25]. Generally, when these
typical lubricants are added to the composite material, the mechanical strength of the
material weakens, since these lubricants have low molecular weights and low compat-
ibility with polymer matrices [26,27]. Recently, topology-engineered polymers, such as
star-shaped polymers and hyperbranched polymers have been studied, in order to be
applied as lubricants [24,28].

Hyperbranched polymer (HBP) is a highly branched three-dimensional polymer. The
HBP molecule has a low degree of entanglement and low viscosity due to the dendritic
architecture of the molecule [29,30]. It can be utilized as a rheological modifier in poly-
meric composites by acting as molecular ball-bearings at the expense of the van der Waals
forces [31]. According to WanG′s study [24], as the polymer chain topology changes from
a linear to a hyperbranched structure, the intrinsic viscosity and the complex viscosity
of the polymer decrease significantly, and the shear stability of the polymer increases as
well. Besides, the abundant functional groups in the HBP molecules make it possible to
form hydrogen bonding among HBP, polymer matrix, and the fillers in the composite
material [32,33]. This functionality results in the compatibilization of the filler in the com-
posite material, and could make up for the weakened mechanical strength of the syntactic
foams. Gu et al. [34] increased the toughness and the mechanical strength of soybean
protein film with addition of hyperbranched polyester, which forms strong hydrogen
bonding with the soybean protein matrix. Peng et al. [35] improved the wettability and
the interfacial adhesion of carbon fiber to an epoxy resin matrix by poly(amido amine)
functionalization.

As a result of its dendritic structure and abundant functional groups, HBP could act
as a lubricating additive and as a compatibilizer at the same time in the GF-reinforced SF
system. In the present study, the carboxyl group-containing HBP molecule was introduced
to RSF composite material to reduce the viscosity and to improve the mechanical properties
of the composite material simultaneously. We used polyamide 6 (PA 6) as a polymer
matrix, since PA 6 is widely used in the automotive industry, and HBP can be dispersed
effectively in the PA 6 matrix due to the hydrogen bonding ability of PA 6. Scanning
electron microscopy (SEM) microphotographs revealed that the compatibility between
filler and PA 6 polymer matrix was enhanced with the addition of a small amount of HBP
(0.5–2.0 phr). The density of the RSF and ashes of the RSF were measured to calculate HGM
breakage of RSF material. Tensile strength increased significantly from 59 to 73 MPa, and
the specific gravity decreased from 0.948 to 0.917 with the addition of HBP.

2. Materials and Methods
2.1. Materials

Injection grade Nylon-6 (Ultramid, B3S, Ludwigshafen, Germany), with a density of
1.13 g/cm3 and melt volume rate of 160 cm3/min at a temperature of 275 ◦C, given load of
5 kg, was supplied by BASF (Ludwigshafen, Germany). HGM (IM16K) provided by 3M
(Saint Paul, SP, USA), with a true density of 0.46 g/cm3, a crush strength of 110 MPa, and
average diameter of 20 µm, was used as the lightweight filler in this study. The chopped
nylon-compatible-sized GF used for a reinforced filler was 995-10P grade from Owens
Corning (Toledo, OH, USA). The GF grade has a nominal diameter of 10 µm, chopped
length of 4 mm, and sized with amino silane coupling agent. Carboxyl group functionalized
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HBP, CYD-7010 (synthesized from adipic acid and hyperbranched polyester with 98:2 molar
ratio), with a melt range of 135~155 ◦C, was supplied by Weihai CY Dendrimer Technology
Corporation (Weihai, China). The chemical structures of PA 6, HGM, GF, and HBP are
presented in Figure 1.
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2.2. Methods
2.2.1. Sample Preparation

The syntactic foams were prepared in a co-rotating twin-screw extruder (TEK-25, SM
PLATEC Co., Ansan, Korea), with screw diameter of 25 mm, Do/Di = 1.55,
L/D = 40, comprising two kneading zones for both dispersive and distributive mixing.
Twin screw configuration is depicted in Figure S1. In order to minimize hydrolysis dur-
ing the extrusion process, Nylon-6 was pre-dried at 80 ◦C for 24 h. The PA 6 pellets
and HBP powder were fed into the main hopper first. Then, the HGM was fed into the
first side feeder, after which the GF was fed into the second side feeder. All compos-
ites were melt-mixed at the same conditions under 200 rpm at a temperature range of
240/240/250/250/250/250/250/250/250/250 ◦C from hopper to die. The PA 6 and the
HBP were pre-melted before introducing HGM fillers. The extrudates were passed through
a hot water bath, pelletized, and dried at 80 ◦C for 24 h before injection molding. Specimens
for the tensile, flexural testing, and density measurements were injection molded in a
lab-scale injection molding machine (VDCII-50, JINHWA GLOTECH, Cheonan, Korea)
with a clamping force of 50 tons. Injection molding was carried out at a barrel temperature
profile of 190/220/230/240/240 ◦C from hopper to nozzle, and a mold temperature of
80 ◦C. The compositions and the codes of the prepared samples are reported in Table 1.

Table 1. Composition and identification details of prepared samples referred to as syntactic foams
(SF), consisting of different PA 6, HGM, GF, and HBP contents.

Sample Label PA 6
(wt%)

HGM
(wt%)

GF
(wt%)

HBP
(phr a)

RSF 72 23 5 -
RSF-COOH 0.5 71.6 23 5 0.5

RSF-COOH 0.75 71.5 23 5 0.75
RSF-COOH 1.0 71 23 5 1.0
RSF-COOH 2.0 70.6 23 5 2.0

a Parts per hundred of PA 6 resin.

2.2.2. Characterization

Complex viscosity and shear modulus were measured using an Anton Paar MCR 302
rheometer (Graz, Austria) with 25-mm parallel plate geometry. Extrudates of neat Nylon-6
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and composites were molded at 240 ◦C. Small angle oscillatory shear (SAOS) frequency
sweep tests were performed at a constant temperature of 240 ◦C within a linear viscoelastic
regime in the range of 0.1–100 rad/s.

The tensile-fractured samples for morphological observation were characterized with
field-emission scanning electron microscopy (FE-SEM) using the model S-4300 from HI-
TACHI (Tokyo, Japan). The fractured surface was sputter-coated with platinum. Right after
the tensile testing, the fractured surface of each sample was dipped in liquid nitrogen for
10 min to keep the shape of the surface.

The differential scanning calorimetry (DSC) analysis was conducted with NETZSCH
DSC200F3 (Selb, Germany), with a sample mass of 3 mg that was set in an aluminum pan
with a cover under an N2 atmosphere with a flow rate of 40 mL/min, to determine the
crystallization behavior of the composites. The glass transition temperature (Tg), melting
temperature (Tm), and melt crystallization temperature (Tc) were measured from the second
heating and cooling cycle, respectively. The profile of the thermogram is depicted in
Figure S2. The samples were first heated from 20 to 250 ◦C at a rate of 30 ◦C/min and held
at 250 ◦C for 4 min to eliminate thermal history of the samples. The samples were then
cooled down to−10 ◦C at a rate of 30 ◦C/min and held at−10 ◦C for 10 min. The DSC data
were collected in the second cycle (segments 6 and 8 as heating and cooling, respectively).
The samples were heated at a rate of 10 ◦C/min from −10 to 250 ◦C, and then held at
250 ◦C for 4 min. Then the samples were cooled to −10 ◦C at a rate of 10 ◦C/min. The
samples were finally held at −10 ◦C for 4 min.

The crystallinity of the samples was calculated by the following equation:

Xc (%) =
∆H f

Wm·∆Ho
(1)

where ∆H f is heat of fusion for the sample, Wm is the mass fraction of the PA 6, and the
∆Ho is the heat of fusion of the theoretical 100% crystalline PA 6 (240 J/g).

The non-isothermal crystallization behavior of the composites was calculated using
the Avrami equation [36–38]:

1−Vt = exp(−Zttn) (2)

where Vt is the relative volumetric fraction of crystalline, Zt is the overall crystallization
rate constant which reflects both nucleation and crystal growth, and n is the Avrami index.
The Vt can be obtained by the following equation:

Vt =
Wc

Wc +
(

ρc
ρa

)
(1−Wc)

(3)

where Wc = ∆H(t)/∆Htotal is the crystalline mass fraction, and ρc and ρa are crystalline
density (1.20 g/cm3) and amorphous density (1.09 g/cm3) of the PA 6, respectively [39].
When the crystallization rate constant is corrected by taking the cooling rate into account
for the Avrami equation, which was applied only to the isothermal crystallization, the
following equation is used, where the Zc is the crystallization rate constant in the non-
isothermal condition:

logZc =
logZt

dT/dt
(4)

Thermogravimetric analysis (TGA) was performed with PerkinElmer TGA4000
(Waltham, MA, USA) under an N2 atmosphere with a flow rate of 20 mL/min. The
samples with a mass of 10 mg were contained in an aluminum pan, and measured at a
heating rate of 10 ◦C/min from 40 to 800 ◦C to determine thermal stability of the composite
samples.

The tensile strength (ASTM D638) and flexural modulus (ASTM D790) of each spec-
imen were performed using a universal testing machine (DUT-2TC, DAEKYUNG EN-
GINEERING Co., Bucheon, Korea) with a 2-ton load cell. Specimen dimensions for the
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tensile test are presented in Figure S1b. Samples for the flexural test having dimensions
of 127 × 12.7 × 6.4 mm3 (length × width × thickness) were employed for the test in ac-
cordance with ASTM D790. The tensile tests were performed at a cross-head speed of
50 mm/min. The flexural tests were carried out in the three-point bending configuration at
a cross-head speed of 1.54 mm/min. Flexural modulus was calculated from the slope of
the initial linear portion of the curves. The five different samples were tested for accurate
results. Two types of density measurements were conducted with a hydro-densimeter
(GP300S, MATSUHAKU, Taichung, Taiwan) and a gas pycnometer (BELPycno, Micro-
tracBEL Corp., Osaka, Japan) to measure the bulk density of the composites and residue
inorganic ashes of the composites, respectively.

3. Results and Discussion
3.1. Rheological Properties

The rapid increase in complex viscosity in RSF control is shown in Figure 2a due to the
high content of fillers (HGM, GF). As the contents of HBP increased, the complex viscosity
of the composites was reduced across the entire frequency range. It was confirmed that
the complex viscosity of RSF-COOH 2.0 decreased by 4.9 times at 0.1 rad/s compared to
the neat RSF due to the addition of the HBP molecules in the composite system. Figure 2b
shows that the shear stress decreased as the HBP content increased. The internal friction was
alleviated by HBP, which has a low intrinsic viscosity in the molten state. HBP molecules
improved the polymer chain mobility due to its lubricating effect, and this improved
polymer chain mobility in filled RSF composite is on account of the dendritic architecture
of HBP [40]. The reduced shear stress could contribute to the reduction in HGM breakage
arising from the high shear in the extrusion process and decrease in the specific gravity of
the composite.
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Changes in storage modulus (G′) and loss modulus (G”) of the composites for different
contents of HBP in RSF are shown in Figure 2c,d. In overall frequency, the G” was higher
than the G′ value, which means the composites were measured in the predominantly
viscous region. Kang et al. [41] found that the syntactic foams aggregated at higher content
(higher than HGM 10 wt%), and the viscoelastic response changed from viscous to elastic
behavior at low frequency. Similarly, both the storage modulus (G′) and the loss modulus
(G”) of the RSF were increased compared to the neat PA 6. When HBP was added to the RSF,
the G′ and G” decreased in overall frequency. Due to the low entanglement degree of the
HBP molecule itself, the lubricating effect was applied in the composite system; as a result,
the overall G′ and G” tend to decrease in RSF-COOH composites. At high frequencies, the
alteration of segmental dynamics was not observed because the entanglement structure
of the polymer was retained [42]. As a result, the effect of the lubrication which comes
from the dendritic architecture of the HBP molecule was predominant. However, at low
frequencies the slope of the G′ to the frequency was decreased in all samples compared
to the RSF, and the G′ value slightly increased when 0.5 phr of HBP was added. These
phenomena come from the abundant functional groups in the HBP molecule. When the
entanglement of the polymer chain was released at low frequency, the unravelling of the
entanglement was hindered by the hydrogen bonding among the PA 6, fillers, and the
HBP molecules. A similar result was observed in Bhardwaj’s research [43]. This could be
evidence that not only hydrogen bonding, but also lubrication, were functioning in the
RSF-COOH composite system.

3.2. Morphology

SEM microphotographs of the fractured surfaces of the composite materials after
tensile testing are presented in Figure 3. In Figure 3a, without HBP, most of the HGMs
are exposed to the fractured surface. However, when the HBP was added to the RSF
(Figure 3b–d), the partially exposed and almost buried HGMs were observed, indicating
that HBP increased the interfacial adhesion between polymer matrix and HGM. The
enlarged microphotographs of the GFs are presented in Figure 3e–h. The GF surface of
the neat RSF was smooth without attached PA 6 matrix. On the other hand, when HBP
was added, the GF surface was covered with PA 6. On account of the enhanced interfacial
adhesion of the polymer matrix to the fillers, which comes from the hydrogen bonding
among the polymer matrix, fillers, and HBP, the compatibility of the fillers in the PA 6
matrix was increased, and the mechanical strength of the RSF-COOH composites could be
enhanced compared to the neat RSF.

It would be useful to discuss the fracture mechanism of the composite material to
investigate the change of the mechanical properties of the composites with and without
HBP addition. When the external load was applied to the composite, micro-cracks were gen-
erated near the filler surface due to weak interfacial adhesion with the polymer matrix [18].
Without HBP, when a high content of HGM was added, the sites of cracks increased; fur-
thermore, the cracks propagated easily because there were neighboring cracks from other
HGM particles. Since the strength of the matrix is larger than that of the interface between
the HGM and polymer matrix [44], cracks on the surface of the HGM propagated easily.
On the other hand, when HBP was added to the RSF composite, the filler-polymer adhe-
sion increased due to the increased hydrogen bonding sites that came from the abundant
functional groups of the HBP molecule. As a result, under the external load, the effect of
the cracks on the surface of the HGMs decreased and the effect of the plastic deformation
and yielding became predominant. Therefore, the mechanical strength of the RSF-COOH
was higher than that of the neat RSF composite.
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3.3. Crystallization Behavior

The cooling curves and the DSC data of the neat PA 6, PA 6/HGM, and PA 6/GF
composites at temperatures ranging from 205 to 180 ◦C are shown in Figure S5 and Table S1.
The crystallization temperature of the PA 6/HGM 20 composite decreased compared to the
neat PA 6. However, the change in crystallization temperature of the PA 6/HGM 5 and the
PA 6/GF 5 samples was not significant. However, high content of HGM particles, which
was associated with our RSF system, influenced the crystallization behavior significantly.
The crystallization rate constant Zt decreased, and the t1/2 of the PA 6/HGM 20 increased.
These phenomena reflect that the crystallization of the RSF without HBP was delayed since
the HGM particles in the PA 6 matrix could act as the steric obstacle for the crystalline
development of the PA 6 polymer [45]. The Tg data of the PA 6, RSF, and RSF-COOH
samples are presented in Figure S6. The Tg of the samples decreased from 60.81 to 45.52 ◦C
as the HGM and GF were introduced to the PA 6; this was due to the weak interfacial
adhesion between the fillers and PA 6 [46]. However, when HBP was added to the RSF
system, the Tg of the composites slightly increased from 45.52 to 46.70 ◦C. This indicates
that HBP addition enhanced the interfacial adhesion of the fillers with the PA 6 matrix.

Figure 4a presents the DSC thermograms of the neat RSF and RSF-COOH composites,
and the DSC data are listed in Table 2.
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Table 2. DSC data for RSF containing various HBP contents under non-isothermal crystallization.

Sample Label Tm
(◦C)

∆Hf
(J/g)

Xc
(%)

Tc
(◦C)

Tonset
(◦C)

∆Hc
(J/g)

∆H*
c

(J/g)

RSF 221.3 34.68 20.00 190.8 195.1 40.98 56.70
RSF-COOH 0.5 220.8 35.00 20.40 191.3 195.4 41.16 57.57
RSF-COOH 1.0 221.1 38.39 22.54 191.7 195.7 43.30 61.01
RSF-COOH 2.0 221.0 37.34 21.86 192.4 196.2 42.36 59.51

As can be seen in Table 2, the crystallization temperature gradually increased as the
concentration of HBP increased. However, the crystallinity Xc increased as the filler content
increased to 1.0 phr, and then decreased when the content of HBP further increased. A
similar trend was observed in ZhanG′s study [47]. HBP can form hydrogen bonding with
the PA 6 matrix and the filler surface, and the HBP molecules could act as the nucleating
agent on the filler surface. When a low content of HBP was added to the composite
(0–1.0 phr), crystallization of the PA 6 was accelerated by the increased amount of nuclei.
As the HBP content was further increased beyond 1 phr, the growth of the crystal may be
hindered by the excessive HBP molecules; as a result, the crystallinity was slightly reduced
in RSF-COOH 2.0 compared to the RSF-COOH 1.0. The crystallization behavior of the
RSF-COOH composites would affect the mechanical properties of the composites.

The crystallization kinetics of syntactic foams in Figure S7 and Table S2 showed that the
crystallization rate was slowed by the further addition of HGM. The degree of crystallinity
of the RSF composites calculated by the Avrami equation is depicted in Figure 4b. As
demonstrated in Table 3, t1/2 of the RSF-COOH composite decreased due to a higher
crystallization rate constant as the content of HBP increased. HBP can be responsible for
the crystallization rate, which was accelerated by not only enhanced chain mobility, but
also by increased nucleation sites.

Table 3. Crystallization kinetic parameters of non-isothermal crystallization data for RSF containing
various HBP contents.

Sample Label n Zt Zc
t1/2

(min) Adj. R-Square

RSF 3.8 1.376 1.032 0.84 0.9997
RSF-COOH 0.5 4.1 1.337 1.029 0.85 0.9997
RSF-COOH 1.0 3.8 1.633 1.050 0.80 0.9997
RSF-COOH 2.0 3.9 1.972 1.070 0.76 0.9997
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3.4. Thermogravimetric Analysis

The extruded pellets were analyzed by TGA, which is presented in Figure 5. The
residual char amount after the temperature reached 800 ◦C was 30 wt% in all composites,
indicating the inorganic filler content in the RSF composites. The onset temperature of the
thermal decomposition where the weight percent was 95% was increased from 408 to 415 ◦C
when the HBP content increased from 0 to 0.75 phr. This result indicates that the thermal
stability of the RSF composites was improved due to the enhanced interfacial adhesion
between the filler and polymer matrix through the compatibilization which resulted from
HBP [48]. When the HBP content was further increased to 2.0 phr, the decomposition
occurred earlier at 403 ◦C. As a result of the lower thermal stability of HBP itself, which
is presented in Figure S8, the excessive amount of HBP affects the thermal stability of the
RSF-COOH composites where the content of HBP is higher than 1.0 phr.
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Figure 5. Thermogravimetric analysis data for RSF containing various HBP contents. Inset: A
close-up of the 420–470 ◦C region.

3.5. Mechanical Properties and Specific Gravity of the Composite

Figure S9a and Table S3 show that increasing weight fraction of HGMs from 0 to
20 wt% did affect the mechanical properties of the composite significantly. When the
weight fraction of HGM reached to 20 wt%, the tensile strength was significantly decreased
by 40.6% due to the poor dispersion of the filler and the weak interfacial adhesion of the
filler to the polymer matrix (Figure S4).

Figure 6 and Table 4 show the mechanical properties and the specific gravity of the
PA 6, RSF control, and HBP containing RSF. The tensile strength increased by 24.3% in
RSF-COOH 0.75 compared to the neat RSF. As a result of the abundant functional groups
that can form hydrogen bonding, the strong interfacial adhesion between PA 6 polymers
and fillers could enhance the tensile strength of the RSF-COOH composite. On the other
hand, as the HBP content increased to 2.0 phr, tensile strength gradually decreased. It is
interpreted that the physical property was weakened by the lubricating effect that comes
from the dendritic structure of the HBP molecules. We can conclude that the optimal HBP
content where the tensile strength is a maximum is 0.75–1.0 phr, and this indicates that the
compatibility and the lubrication would be complementary at this content.
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Table 4. Comparison of the mechanical properties of neat PA 6 and RSF containing various HBP
contents.

Sample Code Specific
Gravity

Tensile
Strength

(MPa)

Elongation
(%)

Flexural
Modulus

(MPa)

Flexural
Strength

(MPa)

PA 6 1.125 80.2 ± 2.6 13.6 ± 13.8 2843 ± 73 35.3 ± 0.9
RSF 0.948 58.8 ± 1.2 1.4 ± 0.2 4032 ± 16 50.0 ± 0.2

RSF-COOH 0.5 0.933 69.9 ± 2.2 1.4 ± 0.6 4273 ± 26 53.0 ± 0.3
RSF-COOH 0.75 0.932 73.1 ± 1.7 1.3 ± 0.3 4386 ± 13 54.6 ± 0.2
RSF-COOH 1.0 0.924 72.5 ± 1.5 1.8 ± 0.6 4424 ± 0 54.9 ± 0
RSF-COOH 2.0 0.917 70.7 ± 1.5 1.3 ± 0.2 4423 ± 36 54.6 ± 0.4

The flexural test results of the composite are summarized in Figure 6b and Table 4.
HBP had a positive effect on the flexural modulus and flexural strength. In RSF-COOH 1.0,
compared to RSF-control, the flexural modulus increased from 4032 to 4424 MPa, and the
flexural strength increased from 50 to 55 MPa. The increase in flexural strength is a result of
the high interfacial adhesion of the HBP molecules. Furthermore, on account of the reduced
filler breakage during the processing, which is summarized in Table 5, foam-core sandwich
structure of the RSF-COOH composites could be formed more effectively than that with
the neat RSF.

Table 5. HGM breakage measurement results of each RSF composite containing various HBP contents.

Sample Code Ash Density a

(g/cm3)
Residual HGM
Density (g/cm3)

HGM Breakage
(vol%)

RSF 0.5829 0.4772 9.14
RSF-COOH 0.5 0.5590 0.4596 6.07
RSF-COOH 1.0 0.5463 0.4504 3.73
RSF-COOH 2.0 0.5431 0.4470 2.84

a Measured by exposing the pellets to 550 ◦C for 2 h to remove the matrix (PA 6). The true density of the residual
inorganic ashes consisting of HGMs and GFs was measured by gas pycnometer.

Specific gravity data of the RSF samples are provided in Figure 6c. It was shown that
the specific gravity continued to decrease as the content of HBP increased. This is because
the hollow HGMs can be damaged not only by the high shear in the extrusion process,
but also by the additional injection molding. HBP brings out economic feasibility through
tribological advantage, resulting in a much lighter RSF composite due to reduced HGM
breakage. HGM breakage was calculated by TGA and gas pycnometer analysis in Table 5
and Figure S11. HGM breakage of the neat RSF and RSF-COOH 2.0 was 9.14 and 2.84 vol%,
respectively, which show good agreement with the tendency of the specific gravity in
Figure 6c. These results can be supplementary evidence that the remarkable variation in
shear stress, mentioned in Figure 3c, improved the internal friction of the composite.
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4. Conclusions

In this study, glass fiber-reinforced PA6 syntactic foam material was prepared with
the addition of the carboxyl group-containing HBP for lightweight material applications.
The morphological, rheological, and thermal properties of the composite material were
characterized. It was revealed that HBP could increase mechanical properties, and could
act as a rheological modifier simultaneously. The outcomes from the present study are
summarized as follows:

(1) In the rheological characterization, the complex viscosity and the shear stress of the
RSF-COOH composites decreased across the entire frequency range compared to the
neat RSF composite without HBP. The storage modulus and loss modulus tended to
decrease with increasing content of HBP in the composite; however, the slope of the
storage modulus at low frequency tended to decrease. These results are evidence that
the lubricating effect due to the dendritic structure of HBP, in addition to hydrogen
bonding, were functioning in the RSF-COOH composite at the same time.

(2) The tensile strength and flexural modulus were increased by 24.3 and 9.7%, respec-
tively, in RSF-COOH composite compared to the neat RSF. In the FE-SEM micropho-
tographs, it was shown that the compatibility of the filler improved, and that filler-
polymer adhesion enhanced when HBP was added. In addition, in DSC data, the
crystallinity of the composite (Xc) increased to 22.54% with the addition of HBP in
the composite. The enhanced compatibility of the filler with the polymer matrix,
and crystallization behavior contributed to the increased mechanical strength of the
RSF-COOH composite material.

(3) As a result of the reduced shear stress of the RSF-COOH composite in the high shear-
applied extrusion process, HGM breakage considerably decreased from 9.14 to 2.84%.
As a result, the specific gravity of the composite significantly decreased from 0.948 to
0.917 when HBP was introduced to the RSF composite.

The results show that HBP plays multiple roles in the RSF composite: modifying
rheological properties, increasing mechanical properties, and reducing specific gravity.
With these simultaneous effects in the RSF composite, HBP could be applied further in the
lightweight materials field.

Supplementary Materials: The following are available online at https://www.mdpi.com/article/
10.3390/polym14091915/s1: Figure S1: Twin-screw configuration representing extrusion process
starting from left to right. HGMs and GFs are side-fed in the middle. Figure S2: DSC profile to figure
out the effect of HBP contents within RSF samples on non-isothermal crystallization behavior. Data
were collected from segment 6 on heating cycle to measure and calculate Tm, ∆Hf, and Xc. Segment
8 was implemented on cooling cycle to measure and calculate Tc, Tonset, ∆Hc, and ∆Hc

*. Figure S3:
FT-IR spectra of HBP. OH stretching in the carboxyl group is 2952 cm−1, and aliphatic O-H bending
is 1427 cm−1. Aliphatic ester group of C-O stretching is 1191 cm−1, and aliphatic ether group of C-O
stretching is 1149 cm−1. Figure S4: SEM microphotographs of syntactic foams on fractured surfaces
after tensile test: PA 6/HGM 5 (a), PA 6/HGM 10 (b), PA 6/HGM 15 (c), and PA 6/HGM 20 (d).
Figure S5: DSC thermograms of syntactic foams. The more the HGM was introduced, the lower the
peak of crystallization temperature was found. Figure S6: DSC thermograms ranging from 20 to
100 ◦C of the PA 6 (a), RSF (b), RSF-COOH 0.5 (c), RSF-COOH 1.0 (d), and RSF-COOH 2.0 (e) for the
glass transition temperature (Tg) evaluation. Tg of each sample is depicted in the plots. Figure S7:
Plots of relative crystallinity (Vt) vs time for the non-isothermal crystallization of neat PA 6, syntactic
foams with different HGM contents, and reinforced PA 6 composites. Figure S8: TGA thermograms
of PA 6 and HBP. Figure S9: Tensile strength (a), flexural modulus (b), and specific gravity (c) of
syntactic foams with various HGM contents. Figure S10: Equations for calculating HGM breakage.
The density of HGM reaches 2.54 g/cm3 at 100% breakage. By exposing the pellets to 550 ◦C for 2 h
to remove the matrix (PA 6), true densities of the residual inorganic ash consisting of HGMs and GFs
were measured by gas pycnometer, which were 0.4365 and 2.4510 g/cm3, respectively. Figure S11:
TGA thermograms of syntactic foams and a glass fiber-reinforced PA 6 composite. We determined
actual inorganic filler contents represented by the embedded table. Table S1: DSC data for syntactic
foams and a glass fiber reinforced PA 6 composite under non-isothermal crystallization. Table S2:
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Crystallization kinetic analysis of non-isothermal crystallization data for syntactic foams and a glass
fiber-reinforced composite. Table S3: Comparison of the mechanical properties of neat PA 6, syntactic
foams, and a glass fiber-reinforced PA 6 composite.
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Abstract: Thermally conductive adhesives were prepared by incorporating magnesium oxide (MgO)
and boron nitride (BN) into fluorosilicone resins. The effects of filler type, size, and shape on thermal
conductivity and adhesion properties were analyzed. Higher thermal conductivity was achieved
when larger fillers were used, but smaller ones were advantageous in terms of adhesion strength.
Bimodal adhesives containing spherical MgOs with an average particle size of 120 µm and 90 µm
exhibited the highest conductivity value of up to 1.82 W/mK. Filler shape was also important to
improve the thermal conductivity as the filler type increased. Trimodal adhesives revealed high
adhesion strength compared to unimodal and bimodal adhesives, which remained high after aging at
85 ◦C and 85% relative humidity for 168 h. It was found that the thermal and adhesion properties of
fluorosilicone composites were strongly affected by the packing efficiency and interfacial resistance
of the particles.

Keywords: adhesive; fluorosilicone; thermal conductivity; magnesium oxide; boron nitride

1. Introduction

As electronic devices become increasingly smaller and more highly integrated, effec-
tive heat dissipation in microelectronic packaging has become a critical issue to ensure
their reliability [1–3]. Recently, the wide use of power semiconductors has accelerated the
necessity of faster heat transfer materials along with long-term thermal stability above
200 ◦C. A small difference in operating temperature can lead to working instability and
reduction of the life span of devices. Thermally conductive adhesives (TCAs) are used as
interconnected materials for the purpose of heat dissipation from chips and mechanical
support by suitable adhesion with metal substrates. As the application area of TCAs has
been expanded, a variety of properties such as thermal stability, chemical resistance, and
low thermal expansion have additionally become required [4–6].

Epoxy resins have been widely used as adhesives and coating solutions because of
their excellent adhesion strength, low shrinkage, and ease of curing [7–10]. However, they
intrinsically possess poor fracture resistance due to limited flexibility and low thermal
stability. To overcome these problems, impact modifiers including rubber and polyurethane
silicone are blended [11–13]. Silicone resins have attracted interest in pressure-sensitive
adhesives and electronics packaging because of their excellent thermal stability, good
processibility, and hydrophobicity [14–16]. Since most silicone resins have poor solvent
resistance, they are often modified with fluorine groups. Fluorosilicone resins combine
the structures of fluorocarbon and polysiloxane. The unique properties of heat resistance,
low-temperature flexibility, and chemical resistance make them suitable for high-value
products in the electronics industry [17–19]. Despite such advantages, the characteristics of
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fluorosilicone adhesives are not fully understood due to their low mechanical strength and
high cost.

Ceramic fillers are commonly used in adhesive composites to provide thermal con-
ductivity while maintaining electrical insulation and dielectric breakdown voltage [20–23].
High thermal conductivity of organic resins can be achieved by forming large numbers
of conductive pathways and reducing the interfacial resistance between the fillers and
the resins. Ceramic fillers with a high aspect ratio or larger size have less filler-polymer
interfaces and, therefore, lower phonon scattering. Although the thermal conductivity
of adhesives is mainly affected by the inherent properties of fillers, higher filler loading
is unavoidable in order to meet the required thermal conductivity in electronic devices.
High filler loading generally accompanies poor processibility due to high viscosity and the
formation of voids between the fillers, which are detrimental to the thermal conductivity.
Therefore, the filler content in adhesives is rather limited. Hybrid adhesives containing two
or more types of fillers with different shapes and sizes have been suggested to attain high
thermal conductivity and good processibility [24–27]. Since a combination of conductive
fillers can enhance the filling density in which small particles can occupy the space between
adjacent large particles, thermally conductive networks with low thermal resistance can be
formed at reduced filler content.

In the present study, we compared the thermal and chemical properties of adhesive
resins using epoxy, silicone, and fluorosilicone resins. Magnesium oxide (MgO) and boron
nitride (BN) were added to offer thermal conductivity. MgO has many attractive charac-
teristics, such as a bulk thermal conductivity greater than alumina, and moreover, it is
inexpensive and nontoxic [28,29]. Meanwhile, BN is promising to obtain high thermal
conductive adhesives with excellent electric insulation [30,31]. Approximated properties
of ceramic fillers and their estimated recent costs are summarized in Table 1. The effect of
filler type, size, and shape on thermal conductivity and adhesion strength was investigated.
Hybrid adhesives containing more than two types of ceramic fillers were fabricated to ac-
quire better thermal conductivity and adhesion strength at the same content. The reliability
of the adhesives was proved by monitoring the change of adhesion strength after aging in
high thermal (85 ◦C) and humidity (85%) environments.

Table 1. Comparison of intrinsic properties and estimated cost of commercial ceramic fillers.

Ceramic Filler

Mohs
Hardness,

20 ◦C
(Hv)

Thermal
Conductivity,

20 ◦C
(W/mK)

Specific
Gravity

Coefficient of
Thermal

Expansion,
0~1000 ◦C
(× 106/◦C)

Dielectric
Constant,

20 ◦C, 1 MHz

Estimated
Cost, 2021

($/kg)

Aluminum Oxide (Al2O3) 9 32 3.9 8 8.9 20–30
Aluminum Nitride (AlN) 8 320 3.3 5.6 8.8 100–150
Hexagoal Boron Nitride

(h-BN) 2 275 2.3 2.8 4.5 100–150

Silicon Carbide (SiC) 10 190 3.2 4.5 11 100–150
Silicon Nitride (Si3N4) 9 26 3.2 3.5 8 30–40

Magnesium Oxide (MgO) 5 60 3.6 11 12 30–40
Fused Silicon Dioxide

(SiO2) 3.5 1 2.6 0.5 3.8 5–10

2. Materials and Methods
2.1. Materials and Sample Preparation

The epoxy resins were composed of 60.0 wt% cycloaliphatic epoxy (C-2021P, Daicel,
Tokyo, Japan), 39.0 wt% curing agent (RIKACID MH, New Japan Chemical, Osaka, Japan),
0.5 wt% accelerator (2E4MZ-CN, Shikoku Chemicals, Kagawa, Japan), and 0.5 wt% ad-
hesion promoter (KBM403, Shin-Etsu, Tokyo, Japan). The Silicone resins were prepared
from 85 wt% vinyl silicone (Andisil VS 1000, AB Specialty Silicones, Waukegan, IL, USA),
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8.0 wt% and 5.9 wt% crosslinkers (Andisil XL1341 and XL1342, AB Specialty Silicones,
Waukegan, IL, USA), 0.1 wt% platinum catalyst (C1142A, Johnson Matthey, London, UK),
and 1 wt% adhesion promoter (KBM 1003, Shin-Etsu, Tokyo, Japan). The Fluorosilicone
resins contained 53.8 wt% of vinyl fluorosilicone (FS-8019-1000, TOPDA, Fuzhou, China),
45.0 wt% fluoro crosslinker (FS-8016, TOPDA, Fuzhou, China), 0.2 wt% platinum catalyst
(C1142A, Johnson Mattey, London, UK), and 1.0 wt% adhesion promoter (KBM 1003, Shin-
Etsu, Tokyo, Japan). The mixtures of respective resin were prepared at room temperature
by stirring mechanically for 1 min, followed by the three-roll mill technique (EXAKT 80E,
EXAKT, Norderstedt, Germany) until the solution became completely homogeneous. All
the resins were thermally cured at 150 ◦C for 60 min.

Five types of magnesium oxides (MgOs) with spherical and amorphous shapes were
used as conductive fillers. Three spherical MgOs with an average particle size of 120 µm,
90 µm, and 50 µm were purchased from Denka Corp. Ltd. (Tokyo, Japan) while two
amorphous MgOs with an average particle size of 6 µm and 0.6 µm were obtained from
Konoshima Chemical Co., Ltd. (Osaka, Japan). Platelet-shaped boron nitrides (BNs) bought
from Denka Co. Ltd. (Tokyo, Japan), had an average particle size of 5 µm and 4 µm.
Aggregated and flake BNs with an average particle size of 12 µm and 280 µm were acquired
from Denka and 3M Co., Ltd. (Kempten, Germany), respectively. A predetermined ratio of
MgO and BN was uniformly dispersed into the fluorosilicone resins using a conventional
ceramic type three roll mill and then rotated at 100 rpm for 30 min in a vacuum bath to
remove the residual bubbles. The mixtures were stored in a refrigerator at −40 ◦C prior to
use. Thermal curing was performed at 150 ◦C for 60 min. The composition of the bimodal
and trimodal adhesives is listed in Table 2.

Table 2. Composition of bimodal and trimodal adhesives containing MgO and BN with various sizes
and shapes.

Composition

MgO (vol%) BN (vol%)

120 µm
(Sphere)

90 µm
(Sphere)

50 µm
(Sphere)

6 µm
(Amorp)

0.6 µm
(Amorp)

5 µm
(Plate)

4 µm
(Plate)

12 µm
(Aggreg)

280 µm
(Flake)

Bi-MgO-1 45 15 / / / / / / /
Bi-MgO-2 45 / 15 / / / / / /
Bi-MgO-3 45 / 15 / / / / /
Bi-MgO-4 45 / 15 / / / /

Bi-MgO/BN-1 45 / / / / 15 / / /
Bi-MgO/BN-2 45 / / / / / 15 / /
Bi-MgO/BN-3 45 / / / / / / 15 /
Bi-MgO/BN-4 45 / / / / / / / 15

Tri-MgO-1 40 13.3 6.7 / / / / / /
Tri-MgO-2 40 13.3 / 6.7 / / / / /
Tri-MgO-3 40 13.3 / / 6.7 / / / /

Tri-MgO2/BN1-1 40 13.3 / / / 6.7 / / /
Tri-MgO2/BN1-2 40 13.3 / / / / 6.7 / /
Tri-MgO2/BN1-3 40 13.3 / / / / / 6.7 /
Tri-MgO2/BN1-4 40 13.3 / / / / / / 6.7

Tri-MgO1/BN2-1 40 / / / / 6.7 / / 13.3
Tri-MgO1/BN2-2 40 / / / / / 6.7 / 13.3
Tri-MgO1/BN2-3 40 / / / / / / 6.7 13.3

2.2. Characterization

The shear force required to detach a square silicon die (4 mm × 4 mm, 0.35 mm of
thickness) from a copper lead frame (10 mm × 10 mm, 0.2 mm of thickness) was measured
to evaluate the adhesion strength using a Dage Series 4000 micro-tester (Dage, Aylesbury,
UK) at a movement speed of 2 mm/s. The solution weighing around 10 mg was spread on
a lead fame and then a die was placed on it. The adhesive thickness was about 200 µm. The
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hot die shear strength was further tested at 180 ◦C and 250 ◦C, which corresponded to the
wire bonding and reflow temperature, respectively. The results were averaged from five
sets of tested specimens. The effect of heat and moisture exposure on the adhesion strength
was examined by placing the respective specimens in a temperature and humidity chamber
(TH-ME-025, Jeiotech, Seoul, Korea) maintained at 85 ◦C and 85% relative humidity (RH).
A fully cured epoxy, silicone, and fluorosilicone film with a dimension of 10 mm in width
× 10 mm in length × 1.5 mm in thickness was immersed in various solvents with different
polarities at room temperature for 168 h and then the mass changes were measured as a
function of immersion time. Thermal conductivity measurement of the adhesive composites
was carried out by the transient plane source (TPS) technique (TPS 500S, HotDisk, Göteborg,
Sweden). The samples were prepared by depositing the adhesive solution onto Teflon plate
covered with aluminum foil having a square well with a length of 20 mm and 0.5 mm
in thickness. After thermal curing, the composites were removed from the plate. The
morphological appearance of the fractured surface was observed by a scanning electron
microscope (SEM) (SIGMA500, ZEISS, Jena, Germany). The specimens were sputtered with
silver for 90 s using a sputtering device before characterization.

3. Results
3.1. Characteristics of Epoxy, Silicone, and Fluorosilicone Resins

The thermal property of epoxy, silicone, and fluorosilicone resins was estimated
by investigating adhesion strength at 23 ◦C, 180 ◦C, and 250 ◦C. At 23 ◦C, the epoxy
revealed an outstanding adhesion strength of 120.5 kgf/cm2, which was more than two
and fourteen times higher than silicone and fluorosilicone, respectively (Figure 1a). When
the measurement was conducted at 180 ◦C, the adhesion strength of epoxy decreased
drastically to 34.2 kgf/cm2, while the silicone and fluorosilcone maintained their initial
strength at 23 ◦C. At 250 ◦C, the adhesion strength of the resins was reduced to 9.5 kgf/cm2

for epoxy, 14.7 kgf/cm2 for silicone, and 6.7 kgf/cm2 for fluorosilicone. Although the
adhesion strength of fluorosilicone was lower than that of epoxy and silicone over the whole
temperature range measured, they retained a high percentage of their room temperature
properties at elevated temperatures. The adhesion test was conducted after humid and
thermal aging at 85 ◦C and 85% RH for 168 h. As shown in Figure 1b, the adhesion strength
of epoxy and silicone decreased from 120.5 kgf/cm2 to 91.3 kgf/cm2 and 43.9 kgf/cm2 to
35.8 kgf/cm2, respectively. Epoxy exhibited the lowest adhesion strength below 1 kgf/cm2

at 250 ◦C, implying that epoxy is not suitable for lengthy exposure to high temperature
and humid environments. On the other hand, fluorosilicone showed a slight increase from
8.4 kgf/cm2 to 11.6 kgf/cm2 at 23 ◦C, probably due to additional cross-linking reactions.
Adhesion strength gradually decreased with increasing temperature. The adhesives in
electronic circuits are commonly exposed to high-temperature environments and, therefore,
the preservation of adhesion strength is an important requirement. Figure 1c displays the
change of adhesion strength as a function of aging time at 250 ◦C. Although epoxy and
silicone showed a relatively high strength of 120.5 kgf/cm2 and 43.9 kgf/cm2, the degree
of reduction was less than 25% of the initial strength after 30 h. In contrast to neat epoxy
and silicone, fluorosilicone retained a high percentage of its initial strength with exposure
to high temperatures. The adhesion strength persisted for 20 h and then slightly decreased
by about 25% after 30 h.

The degree of swelling was measured by immersing the cured resins in various
solvents with different polarities. The polarity of the solvents used in the test decreased
in the following sequence: acetone > tetrahydrofuran > toluene > normal hexane. As
illustrated in Table 3, the polar solvents promoted a higher swelling tendency for all resins.
Although a moderate swelling ratio of 30.4% and 15.2% were observed in tetrahydrofuran
and acetone after 168 h, the swelling ratio of epoxy resins in n-hexane and toluene was less
than 5%, probably due to higher cross-linking density. On the other hand, silicone resins
showed an excessive swelling ratio above 50% except for in acetone, which may limit its
electronics usage. With the incorporation of a fluorine group with silicone, the swelling
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ratio was suppressed drastically to below 20% in n-hexane and toluene. The increase
in polarity in the presence of a fluorine group led to an increase in the swelling ratio in
tetrahydrofuran and acetone due to pronounced affinity. From the thermal aging and
swelling tests, it is apparent that the fluorosilicone resins possess promising characteristics
such as chemical, heat, and humidity resistance. The thermal conductivity behavior of
fluorosilicone adhesives was further analyzed by incorporating MgO and BN fillers.
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after aging at 85 ◦C/85% RH for 168 h; (c) Adhesion strength as a function of aging time at 250 ◦C.

Table 3. The swelling ratio of epoxy, silicone, and fluorosilicone resins in various solvents.

Resin

Swelling Ratio (%) with Immersion Time (h) in Solvent

n-Hexane Toluene Tetrahydrofuran Acetone

24 48 72 168 24 48 72 168 24 48 72 168 24 48 72 168

Epoxy 1.2 2.9 3.3 4.8 0.0 0.8 0.4 3.5 6.2 7.5 22.5 30.4 0.9 7.0 10.8 15.2

Silicone 54.5 56.0 58.4 59.9 44.9 46.2 49.3 52.6 55.3 56.6 49.3 57.4 11.8 18.2 19.3 24.9

Fluorosilicone 8.5 12.3 13.6 15.0 15.6 15.7 15.4 18.1 24.9 27.0 27.4 29.4 25.3 23.6 24.1 26.2

3.2. Thermal and Mechanical Properties of Unimodal Adhesives

Figure 2a shows the variation of thermal conductivity of fluorosilicone adhesives
containing MgO and BN of different sizes and shapes. The filler concentration was kept at
60 vol%. When MgO were incorporated, higher thermal conductivity was obtained using
larger fillers. The thermal conductivity value of adhesives filled with 120 µm MgO was
more than two times higher than 0.6 µm MgO, i.e., 1.67 W/mK for 120 µm and 0.73 W/mK
for 0.6 µm. Small fillers have a large interfacial contact area with the resins and thus more
phonon scattering occurs. In addition, spherical MgOs have favorable filler packing for
facile heat dissipation through the composites. As adhesives in electronic circuits not only
provide heat dissipation but also mechanical support, adhesion strength is another critical
parameter. As shown in Figure 2b, the use of smaller fillers was favorable in order to obtain
high adhesion strength. The adhesives filled with 0.6 µm MgO had an adhesion strength
value of 14.7 kgf/cm2 at 23 ◦C, while the adhesives with 120 µm MgO had a strength
value of 12.0 kgf/cm2. The adhesion strength gradually decreased as the test temperature
increased. For example, an adhesion strength of 0.6µm MgO-filled adhesives was reduced
from 14.7 kgf/cm2 to 12.8 kgf/cm2 at 180 ◦C and 11.3 kgf/cm2 at 250 ◦C, respectively.
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The reduced adhesion strength may be attributable to the difference in thermal expansion
between adhesives and Cu substrates.
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Figure 2. The thermal conductivity and adhesion strength of fluorosilicone adhesives filled with
MgOs and BNs: (a) thermal conductivity of MgO-filled fluorosilicone; (b) adhesion strength of
MgO-filled fluorosilicone measured at 23 ◦C, 180 ◦C, and 250 ◦C; (c) thermal conductivity of BN-filled
fluorosilicone; (d) adhesion strength of BN-filled fluorosilicone measured at 23 ◦C, 180 ◦C, and 250 ◦C.
The filler concentration was kept at 60 vol%.

When BNs are added to fluorosilicone resins instead of MgOs, the adhesives showed
a lower thermal conductivity in a range of 0.55~1.18 W/mK at the same volume fraction.
Platelet BNs with different crystallinity revealed a similar thermal conductivity value of
1.18 W/mK for high crystallinity and 1.17 W/mK for low crystallinity, indicating that
the effect of filler crystallinity on thermal conductivity was negligible. In general, BNs in
composites are known to exhibit a preferential alignment along the in-plane axis, resulting
in large in-plane thermal conductivity. The in-plane thermal conductivity was more than
20 times higher than the through-plane value [32]. In our system, the thermal conductivity
was measured by a transient plane source (TPS) method, where the amount of heat per
unit time and unit area through a plate of unit thickness was measured. Therefore, the
bulk thermal conductivity of BN-filled composites was expected to be low. The thermal
conductivity of adhesives filled with aggregated and flake shaped BNs having an average
particle size of 12 µm and 280 µm was observed below 1.0 W/mK. The adhesives containing
flake shaped BNs underwent phase separation at 60 vol%, while aggregated BNs possessing
a low specific surface area formed relatively low network concentrations. The adhesion
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strength of the BN-filled adhesives was found to be low compared to MgOs at below
12.0 kgf/cm2 at 23 ◦C. The flake shaped BNs showed the lowest adhesion strength due
to the large particle size and phase separation. On the basis of the thermal conductivity
and adhesion strength results, it was found that the thermal and mechanical properties of
unimodal adhesives mainly rely on the filler size and type.

Figure 3a shows the variation of thermal conductivity as a function of spherical
120 µm MgO content in a range of 50–75 vol%. A high filler loading above 50 vol%
was indispensable to reaching above 1 W/mK. At a low concentration, the fillers were
independently dispersed in a matrix and hardly contacted with each other. The thermal
conductivity gradually increased as MgO content increased and reached the highest value
of 1.67 W/mK at 60 vol%. The improved thermal conductivity was associated with the
enhanced interconnectivity between the MgO particles. With an increase above 65 vol%,
thermal conductivity decreased below 1.4 W/mK at which uniform dispersion is difficult
to achieve because of high viscosity and agglomeration. Composition-dependent adhesion
strength behaves similarly. The adhesives exhibited the highest value of 12.0 kgf/cm2 at
60 vol% and 12.2 kgf/cm2 at 65 vol% and then decreased thereafter with MgO loading
(Figure 3b). It is commonly recognized that the agglomeration of inorganic particles can
result in low adhesion strength. From the thermal conductivity and adhesion strength, the
optimal MgO content for fluorosilicone adhesives is determined to be 60 vol%.
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Figure 3. The thermal conductivity and adhesion strength of fluorosilicone adhesives as a function
of MgO content: (a) thermal conductivity of fluorosilicone adhesives; (b) adhesion strength of
fluorosilicone adhesives measured at 23 ◦C, 180 ◦C, and 250 ◦C.

3.3. Thermal and Mechanical Properties of Bimodal Adhesives

Hybrid adhesives containing more than two different fillers are often used to achieve
high thermal conductivity while maintaining good processibility. The combination of
two or more fillers can help to form thermally conductive bridges at lower loadings by
maximizing the packing density [33–35]. We selected spherical 120 µm MgO as a first
component considering its high thermal conductivity, and the second component was
added at a ratio of 45 vol% and 15 vol%. As shown in Figure 4a, adhesives consisting of
120 µm and 90 µm MgO, i.e., Bi-MgO-1, exhibited the highest thermal conductivity value
of 1.82 W/mK, which was about 0.15 W/mK and 0.45 W/mK higher than those filled
with the respective MgOs. Other bimodal adhesives containing 50 µm, 6 µm, and 0.6 µm
MgOs as a second component also show higher thermal conductivity values compared to
unimodal adhesives. Regarding the adhesion property, they revealed a similar strength
over the whole temperature range measured regardless of MgO compositions (Figure 4b).
The enlarged contact surface between fluorosilicone and MgO when using smaller second
fillers may be responsible for the enhanced adhesion strength of unimodal 120 µm MgO.
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Meanwhile, the adhesion strength of Bi-MgO-4 is slightly lower than that of unimodal
0.6 µm MgO.
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of bimodal MgO/BN adhesives; (d) adhesion strength of bimodal MgO/BN adhesives measured at
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Figure 4c illustrates the thermal conductivity of bimodal MgO/BN adhesives. The
second component BNs are combined with spherical 120 µm MgO to achieve a positive
synergistic effect. The thermal conductivity of bimodal MgO/BN was increased above
1.2 W/mK because of the addition of a large amount of spherical MgOs (Figure 4c). The
thermal conductivity of the bimodal MgO/BN was different from that of the single BN-
filled adhesives. Bi-MgO/BN-4 containing 280 µm BN flakes exhibited the highest thermal
conductivity value of 1.6 W/mK, followed by Bi-MgO/BN-3. In a single-component system,
the aggregated and flake BNs showed low thermal conductivity below 1 W/mK. When a
small amount of BNs (15 vol%) was added, they were uniformly dispersed without inducing
phase separation and randomly orientated to build a three-dimensional conducting path
along the thickness direction. Both filler size and shape determine the thermal conductivity
of Bi-MgO/BN-3 and Bi-MgO/BN-4. The thermal conductivity of Bi-MgO-1 is not much
different from that of Bi-MgO-2. The thermal conductivity results of bimodal MgOs and
MgO/BN adhesives clearly indicated that the mixed use of large fillers with different
shapes was effective in improving the filling density and building thermally conductive
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networks. As shown in Figure 4d, the adhesion strength of the bimodal MgO/BN showed
an opposite behavior, exhibiting a high strength above 13 kgf/cm2 for Bi-MgO/BN-1
and Bi-MgO/BN-2, while about 10 kgf/cm2 for Bi-MgO/BN-3 and Bi-MgO/BN-4. The
contact area between fluorosilicone resins and BNs mainly affected the adhesion strength
of bimodal adhesives.

3.4. Thermal and Mechanical Properties of Trimodal Adhesives

The thermal conductivity of the trimodal adhesives filled with three component MgOs
are displayed in Figure 5a. The composition of the bimodal MgO that exhibited the highest
thermal conductivity, i.e., a combination of 120 µm and 90 µm, was partially substituted
by the inclusion of the third component at 6.7 vol%. The thermal conductivity of trimodal
MgOs was found to be in the range of 1.4~1.67 W/mK depending on the third compo-
nent. Tri-MgO-2 containing amorphous 6 µm exhibited the highest thermal conductivity of
1.67 W/mK, while Tri-MgO-1 filled with spherical 50 µm MgO showed a thermal conduc-
tivity of 1.40 W/mK. Tri-MgO-1 should have high thermal conductivity considering its size
but exhibited the lowest value. It is inferred that the addition of a third filler with a different
shape is more effective to improve the packing efficiency. The thermal conductivity of
trimodal MgO was slightly lower than Bi-MgO-1 because the enhanced thermal conduc-
tivity using smaller particles may be compensated by increased phonon scattering. When
BN was used as the third component instead of MgO, no noticeable difference in thermal
conductivity was observed with a value near 1.5 W/mK (Figure 5b). Since the amount
of the third component was 6.7 vol%, the thermal conductivity may be dominated by a
majority of spherical MgOs. In the case of trimodal adhesives containing two-component
BNs along with 120 µm spherical MgO, the combined use of aggregated and flake-shaped
BNs, i.e., Tri-MgO/BN2-3, was profitable to achieve high thermal conductivity, similarly to
bimodal adhesives (Figure 5c).
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The adhesion strength of trimodal adhesives is illustrated in Figure 5d–f. Although the
adhesives were composed of various combinations of MgOs and BNs, the adhesion strength
at 23 ◦C was quite similar, near 16 kgf/cm2. Compared to unimodal and bimodal adhesives,
a higher strength value was obtained because the third filler may enlarge the interaction
area per unit gram. The adhesion strength at 180 ◦C fell in the range of 12.7~15.0 kgf/cm2

depending on composition, which was comparable to those of unimodal and bimodal
adhesives at 23 ◦C. At 250 ◦C, the strength value was maintained above 7.0 kgf/cm2, except
for Tri-MgO1/BN2-3.

Figure 6 shows the cross-sectional SEM images of various bimodal and trimodal
adhesives. The adhesives filled with various MgOs, i.e., Figure 6a,b,d, exhibited only a
thick layer of fluorosilicone resin on the fracture surface, which in turn interrupted the
identification of the majority MgO components. It is inferred that the trimethoxy silane
moiety presented on the surface of spherical MgO may offer the proper compatibility
and good level of dispersion within fluorosilicone resins. When BNs were added, fillers
with various shapes such as plate and agglomerates could be clearly discerned in bimodal
and trimodal adhesives, as illustrated in Figure 6c,e,f. The shape is more apparent at the
enlarged scale. Although the surface of BNs was not chemically modified, the agglomerates
of fillers were not observed over the entire area. Therefore, mechanical mixing using a
three-roll mill was effective for the uniform dispersion of micro-sized MgOs and BNs.

Polymers 2021, 13, x FOR PEER REVIEW  10 of 13 
 

 

     
(a)  (b)  (c) 

     
(d)  (e)  (f) 

Figure 5. Thethe rmal conductivity and adhesion strength of fluorosilicone adhesives containing three‐component MgO 

and BN fillers: (a) thermal conductivity of trimodal MgO; (b) thermal conductivity of trimodal MgO2/BN1; (c) thermal 

conductivity of trimodal MgO1/BN2; (d) adhesion strength of trimodal MgO at 23 °C, 180 °C, 250 °C; (e) adhesion strength 

of trimodal MgO2/BN1 at 23 °C, 180 °C, 250 °C; (f) adhesion strength of trimodal MgO1/BN2 at 23 °C, 180 °C, nad250 °C. 

Figure 6 shows the cross‐sectional SEM images of various bimodal and trimodal ad‐

hesives. The adhesives filled with various MgOs, i.e., Figure 6a, b, d, exhibited only a thick 

layer of fluorosilicone resin on the fracture surface, which in turn interrupted the identi‐

fication of the majority MgO components. It is inferred that the trimethoxy silane moiety 

presented on the surface of spherical MgO may offer the proper compatibility and good 

level of dispersion within fluorosilicone resins. When BNs were added, fillers with vari‐

ous shapes such as plate and agglomerates could be clearly discerned in bimodal and tri‐

modal adhesives, as illustrated in Figure 6c, e, f. The shape is more apparent at the en‐

larged scale. Although the surface of BNs was not chemically modified, the agglomerates 

of fillers were not observed over  the entire area. Therefore, mechanical mixing using a 

three‐roll mill was effective for the uniform dispersion of micro‐sized MgOs and BNs. 

 
(a)  (b)  (c) 

Polymers 2021, 13, x FOR PEER REVIEW  11 of 13 
 

 

 
(d)  (e)  (f) 

Figure 6. SEM images of bimodal and trimodal adhesives consisting of combined MgO and BN: (a) Bi‐MgO‐1 (120 μm 

MgO/90 μm MgO); (b) Bi‐MgO‐4 (120 μm MgO/0.6 μm MgO); (c) Bi‐MgO/BN‐4 (120 μm MgO/280 μm BN; (d) Tri‐MgO‐

2 (120 μm MgO/90 μm MgO/6 μm MgO); (e) Tri‐MgO2/BN1‐3 (120 μm MgO/90 μm MgO/12 μm BN); (f) Tri‐MgO1/BN2‐

3 (120 μm MgO/12 μm BN/280 μmBN). 

The adhesion strength of unimodal, bimodal, and trimodal adhesives with relatively 

high thermal conductivity was compared before and after aging at 85 °C and 85% RH for 

168 h. At the same volume fraction, the adhesion strength of MgO‐1 containing only 120 

μm MgO gradually increased when the smaller second and third MgOs were added, i.e., 

13.2 kgf/cm2 for Bi‐MgO‐1 and 16.1 kgf/cm2 for Tri‐MgO‐2 (Figure 7a). The BN‐filled tri‐

modal adhesives such as Tri‐MgO2/BN1‐3 and Tri‐MgO1/BN2‐3 also showed a high ad‐

hesion strength above 15 kgf/cm2. Smaller  fillers may occupy  the microscopic gaps be‐

tween large MgO particles and consequently increase the number of joint points. The ad‐

hesion strength obtained after humid and thermal aging is illustrated in Figure 7b. Addi‐

tional cross‐linking reactions may take place for fluorosilicone during a course of aging, 

leading  to  enhanced  adhesion  strength  for  bimodal  and  trimodal  adhesives.  Tri‐

MgO2/BN1‐3 exhibited the highest strength of 22.4 kgf/cm2 at 23 °C, 15.6 kgf/cm2 at 180 

°C, and 13.3 kgf/cm2 at 250 °C. It should be noted that the sequence of adhesion strength 

of  unimodal,  bimodal,  and  trimodal  adhesives  before  and  after  aging  is  almost  un‐

changed. A higher adhesion strength was still maintained at 180 °C and 250 °C. 

   
(a)  (b) 

Figure 7. Comparison of the adhesion strength of unimodal, bimodal, and trimodal adhesives before and after aging at 85 

°C/85% RH for 168 h: (a) Adhesion strength obtained before aging; (b) adhesion strength obtained after aging. 

   

Figure 6. SEM images of bimodal and trimodal adhesives consisting of combined MgO and BN: (a) Bi-
MgO-1 (120 µm MgO/90 µm MgO); (b) Bi-MgO-4 (120 µm MgO/0.6 µm MgO); (c) Bi-MgO/BN-4
(120 µm MgO/280 µm BN; (d) Tri-MgO-2 (120 µm MgO/90 µm MgO/6 µm MgO); (e) Tri-MgO2/BN1-
3 (120 µm MgO/90 µm MgO/12 µm BN); (f) Tri-MgO1/BN2-3 (120 µm MgO/12 µm BN/280 µmBN).

The adhesion strength of unimodal, bimodal, and trimodal adhesives with relatively
high thermal conductivity was compared before and after aging at 85 ◦C and 85% RH
for 168 h. At the same volume fraction, the adhesion strength of MgO-1 containing only
120 µm MgO gradually increased when the smaller second and third MgOs were added,
i.e., 13.2 kgf/cm2 for Bi-MgO-1 and 16.1 kgf/cm2 for Tri-MgO-2 (Figure 7a). The BN-filled
trimodal adhesives such as Tri-MgO2/BN1-3 and Tri-MgO1/BN2-3 also showed a high
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adhesion strength above 15 kgf/cm2. Smaller fillers may occupy the microscopic gaps
between large MgO particles and consequently increase the number of joint points. The
adhesion strength obtained after humid and thermal aging is illustrated in Figure 7b.
Additional cross-linking reactions may take place for fluorosilicone during a course of
aging, leading to enhanced adhesion strength for bimodal and trimodal adhesives. Tri-
MgO2/BN1-3 exhibited the highest strength of 22.4 kgf/cm2 at 23 ◦C, 15.6 kgf/cm2 at
180 ◦C, and 13.3 kgf/cm2 at 250 ◦C. It should be noted that the sequence of adhesion
strength of unimodal, bimodal, and trimodal adhesives before and after aging is almost
unchanged. A higher adhesion strength was still maintained at 180 ◦C and 250 ◦C.
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4. Conclusions

The effects of the filler size, shape, and their combination on the thermal conductivity
and adhesion strength of fluorosilicone was demonstrated using MgO and BN fillers. The
use of two or three different fillers can lead to high thermal conductivity and adhesion
strength. Bimodal adhesives filled with spherical 120 µm MgO and 90 µm MgO exhibited
the highest thermal conductivity due to the synergistic effect of high packing density and
low interfacial resistance. In trimodal adhesives, the enhanced packing density achieved
by using different shapes is important to determine the thermal conductivity. Aggregated
and flake shaped BNs alone would be inadequate to achieve high thermal conductivity, but
are effective as secondary fillers. Trimodal adhesives exhibited high adhesion strength as
compared to unimodal and bimodal adhesives even after thermal and humid aging. Fluo-
rosilicone adhesives have promising applications in electronics considering their chemical
and thermal resistance, although their adhesion strength is relatively low.
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Abstract: A shape memory polymer was prepared by melt mixing a semicrystalline maleated
polyolefin elastomer (mPOE) with a small amount of polyaniline (PANI) (up to 15 wt.%) in an internal
mixer. Transmission electron microscopy (TEM), FTIR analysis, DMA, DSC, melt rheological analysis,
and a tensile test were performed to characterize the structure and properties of the mPOE/PANI
blends. The results revealed that the blends form a physically crosslinked network via the grafting
of PANI onto the mPOE chains, and the PANI dispersed at the nanometer scale in the POE matrix
served as a photo-thermal agent and provided increased crosslinking points. These structural features
enabled the blends to exhibit a shape memory effect upon near-infrared (NIR) light irradiation. With
increasing PANI content, the shape recovery rate of the blend under NIR stimulation was improved
and reached 96% at 15 wt.% of PANI.

Keywords: shape memory polymer; NIR light responsive; semicrystalline maleated polyolefin
elastomer; polyaniline; melt blending

1. Introduction

A shape memory polymer (SMP) is a smart material that can memorize its original
shape and recover to its original shape from temporarily fixed shapes, and responds to
various types of external stimuli, such as heat, light, water, and electric or magnetic fields.
Compared to metallic shape memory alloys, SMPs have several advantages, including low
density, good processability, high deformability, biocompatibility, as well as easy control
of transition temperature, which make these materials have various applications [1–5].
More extensive applications of SMPs were reported very recently, which include fabrica-
tions of smart surfaces with adjustable wetting properties [6], 3D structures with various
complicated shapes [7], 4D-printed medical devices [8], and deployable solar arrays [9].

Among the various types of SMPs, light-responsive SMPs have gained interest due
to several advantages they possess over conventional, thermally activated SMPs, such as
remote activation ability and spatial controllability [10]. The most frequently employed
approach to fabricate light-responsive SMPs is the incorporation of small amounts of pho-
tothermal reagents, such as gold [11], silver [12], titanium nitride [13], polydopamine [14],
porphyrin [15], or carbon nanoparticles, such as CNT and graphene [16–19], into the shape
memory polymer matrix. These additives act as photothermal heaters when the composites
are irradiated with near infrared or sunlight, which enables the SMP nanocomposites
to be indirectly heated above their transition temperature. For these composite systems,
however, proper surface modifications of the fillers are required to enable them to be finely
dispersed in matrix polymers.
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Conjugated polymers, such as polyaniline, polypyrrole, and polythiophene, show
strong absorption of near-infrared energy, and transform it into thermal energy with high
efficiency, which enables them to be used in photothermal therapy [20–23]. Only a few
studies have been reported on light-responsive SMPs using these conjugated polymers
as a photothermal agent [24–26]. Bai et al. reported an NIR-induced shape memory hy-
drogel by the incorporation of PANI nanofibers into polyvinyl alcohol (PVOH) by in situ
polymerization of aniline in PVOH, where the PANI nanofiber served as a photothermal
agent and provided increased crosslinking points [24]. Coating the PANI nanofiber onto
a shape memory epoxy was also reported to exhibit NIR-responsive shape memory be-
havior [25]. Polypyrrole was incorporated into a shape memory polyurethane to prepare
an NIR-induced shape memory elastomer [26]. Despite their excellent light-responsive
behaviors, solution processing was needed to fabricate these SMPs, which was complicated
and time consuming. It would be more practically useful if the photo-responsive SMPs
based on conjugated polymers could be fabricated by a melt blending method.

PANI, which has a sulfonic acid group on its aromatic ring, is of particular interest,
since it has a self-doped structure without the addition of any external dopants and exhibits
strong absorption in the near-infrared (NIR) region [27–29], which makes it a promising
photothermal agent. However, its use as a photothermal agent for the fabrication of
light-responsive shape memory polymers has not been explored, especially by using a
melt blending method. In this study, we observed that PANI obtained from oxidative
chemical polymerization of aniline, possessing a sulfonic acid, can be covalently bonded
onto a semicrystalline polyolefin elastomer, possessing a maleic anhydride group (mPOE),
during melt processing, and is dispersed in the elastomer matrix at the nanometer scale.
Further, the mPOE/PANI blends formed a physically crosslinked structure and exhibited
photothermal behavior under NIR irradiation, which enabled these blends to have good
light-responsive shape memory effects. Along with the examinations of photo-responsive
shape memory effects, the thermo-mechanical and rheological properties of the blends
were also investigated.

2. Materials and Methods
2.1. Materials and Sample Preparation

Semicrystalline maleated polyolefin elastomer (mPOE, maleic anhydride content
2 wt.%) was procured from DuPont (Fusabond N416, Wilmington, DE, USA). Aniline-3-
sulfonic acid (ANISA, >99.0%) and ammonium persulfate (APS, 95%) were purchased from
Sigma-Aldrich (St. Louis, MO, USA). Pyridine and acetone were procured from Junsei
Chemical Co., Ltd. (Tokyo, Japan).

Polyaniline (PANI) was synthesized by oxidative chemical polymerization using
ANISA as a monomer and APS as an oxidant as reported in the literature [27]. Briefly,
35.0 g (0.2 mol) of ANISA was dissolved in 100 mL of 3.0 mol/L pyridine aqueous solution
at 4 ◦C. Further, 45.6 g (0.2 mol) of APS was dissolved in 180 mL of water. The APS solution
was slowly added to the ANISA solution at a temperature below 4 ◦C for 1 h, and then
the mixture was stirred for 15 h. The precipitate was collected and washed in acetone, and
then dried under vacuum for 24 h at 30 ◦C.

mPOE/PANI blends with 3, 5, 10 and 15 wt.% PANI were prepared by melt blending
in a Haake mixer (Haake Polylab Rheomix 600, Germany) for 10 min at 180 ◦C with a
rotor speed of 60 rpm. The resulting mixtures were then molded as sheets by using an
electrically heated hydraulic press at 180 ◦C for 10 min.

2.2. Characterization

Phase morphology of the blends was examined using transmission electron mi-
croscopy (TEM), with a JEOL 200CX TEM with an acceleration voltage of 200 kV. Ultra-thin
sections were cut from the compression-molded specimens with a thickness of 100 nm
using a Reichert ultracut cryo-microtome.
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FTIR analysis was carried out using Bucker ALPHA spectrometer (Nicolet IS10,
Thermo scientific, Waltham, MA, USA), equipped with an attenuated total reflectance
(ATR) accessory, to characterize the PANI, and evaluate the possible interactions between
the mPOE and PANI as well. The sample was placed on the ATR sample holder. The
number of scans for each spectra was 16. The FTIR spectra were obtained in the range of
2000–700 cm−1 under nitrogen atmosphere. The empty sample chamber and ATR stage
were used to obtain the background spectra.

Dynamic mechanical tests were carried out using a dynamic mechanical analyzer (TA
Instrument, model DMA-Q800, Waltham, MA, USA). Samples were subjected to a cyclic
tensile strain with an amplitude of 0.2% at a frequency of 1 Hz. The temperature was
increased at a heating rate of 10 ◦C/min over the range from −100 to 150 ◦C.

Thermal properties of the samples were examined by using a differential scanning
calorimeter (TA instruments, DSC Q20 equipped with RSC90 as a refrigerated cooling
system). Samples were first heated from 30 to 200 ◦C at a rate of 10 ◦C/min under a
nitrogen atmosphere and were kept for 5 min at this temperature to remove prior thermal
history. The samples were then cooled down to −50 ◦C at a cooling rate of 10 ◦C/min
(cooling scan), and were reheated to 200 ◦C at the same heating rate (second heating scan).

Tensile properties of the samples were measured by using a universal testing machine
(UTM, AGS-500NX, Shimadzu, Japan) with a crosshead speed of 50 mm/min. The test was
repeated at least five times at room temperature for each sample.

Melt rheological measurements were conducted on an MCR 102 rheometer (Anton
paar, Graz, Austria). Dynamic oscillatory shear measurements were performed at 180 ◦C
using parallel plate geometry with a plate diameter of 25 mm and 1–2-mm-thick samples.
The dynamic frequency sweep test was carried out between 0.1 and 100 rad/s.

Photothermal effects of the blend were examined by measuring the surface tempera-
ture of the NIR-exposed sample using a digital thermometer during the NIR irradiation of
the sample with 805 nm NIR at power density of 1.0 W/cm2 positioned at 30 cm from the
sample. An infrared (IR) lamp with a red filter (Philips, Model Infraphil PAR38E, Berlin,
Germany) was used as a light source.

Shape memory behavior of the samples was evaluated using dog-bone-shaped speci-
mens with a thickness of about 1 mm. Temporarily fixed sample was obtained by uniaxial
deformation of the specimen to 50% at 70 ◦C (which is just above Tm of the sample) fol-
lowed by cooling the deformed shape to 0 ◦C. Then, the temporarily deformed samples
were exposed to NIR irradiation to analyze the shape recovery. The shape fixing ratio (Rf)
and shape recovery ratio (Rr) of samples were determined by the following equations:

Rf (%) = [(Ls − Li)/(Lu − Li)] × 100 (1)

Rr (%) = [(Ls − Lr)/(Ls − Li)] × 100 (2)

where Li denotes the initial gauge length of the sample, Lu denotes the stretched length
under load (1.5 × Li in this experiment), Ls denotes the stretched length without load, and
Lr denotes the recovered length upon NIR exposure, respectively.

3. Results
3.1. Phase Morphology

The phase morphology of the mPOE/PANI blends examined by TEM, and the TEM
micrographs for the blends with various PANI contents are shown in Figure 1. A phase-
separated morphology could be observed for all the samples in which the number of
dispersed domains and their average diameter increased with increasing PANI contents
in the blend, from about 100 nm for the blend with 3 wt.% of PANI to ca. 200 nm for the
blend with 15 wt.% of PANI.
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Figure 1. FE-TEM images of mPOE/PANI blends with (a) 3, (b) 5, (c) 10, and (d) 15 wt.% of PANI
content (magnification ×50.0 k).

3.2. FT-IR

FTIR characterization was performed to examine any possible interactions between
mPOE and PANI in the blend. Figure 2 shows the FTIR spectra of neat mPOE and the
mPOE/PANI (90/10) blend. The FTIR spectra of neat mPOE show characteristic absorption
peaks at 1790 cm−1 and 1866 cm−1, attributed to the stretching vibration of cyclic maleic
anhydride. The band at 1712 cm−1 was contributable to the stretching vibration of the
carbonyl moiety attached to the cyclic maleic anhydride group [30]. In the FTIR spectra for
the mPOE/PANI blend, a new absorption band, corresponding to 1652 cm–1, appeared,
attributed to the C=O stretching of amide bonds, while there was a decrease in peak
intensity, corresponding to maleic anhydride. This indicates that a chemical reaction
occurred between the maleic anhydride of mPOE and the amine of PANI during the
melt mixing process at high temperature. Such a reaction between PANI and the maleic
anhydride group of other maleated polymers was also observed in blends of PANI with
maleated PBT and maleated PS, in which PANI was grafted onto the polymer chains via the
reaction [31,32]. It is thought that the nanoscaled phase-separated morphology achieved
in the mPOE/PANI blends studied here was led by the reaction between the component
polymers during melt blending. The nanostructured polymer blends obtained by reactive
blending have been reported in other polymer blend systems, such as nylon/polyolefin
blends [33,34] and PLA/PBAT blends [35].
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3.3. Dynamic Mechanical Properties

Figure 3 shows the temperature dependency of storage modulus (E′) for neat mPOE
and mPOE/PANI blends. The storage moduli for the blends are higher than those of the
neat mPOE over the whole temperature range examined here, and the modulus increases
with increasing PANI content in the blends, implying that the PANI nanoparticles acted
as reinforcing fillers. It should also be noted that the storage modulus for neat mPOE
decreases sharply when the temperature is higher than around 70 ◦C (which corresponds
to Tm), whereas the modulus of mPOE/PANI blends keeps quite stable up to 200 ◦C. Such
a persistent modulus indicates that the blends form a crosslinked structure, which was
obtained via the chemical reaction between the mPOE and PANI in the blends, as was
confirmed by FTIR analysis.
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3.4. Thermal Properties

DSC analysis was performed to observe the variation in melting temperature (Tm)
and heat of fusion (∆Hm) with the composition of the blends, and those values and the
associated degree of crystallinity (χc) of the samples are listed in Table 1. The degree of
crystallinity was calculated using ∆Hm per gram of mPOE obtained from DSC measure-
ments and the ∆Hm corresponding to 100% crystalline low-density polyethylene (LDPE)
(293 J/g) [30]. As illustrated in Table 1, the Tm and χc of the mPOE phase of the blends
were continuously decreased upon increasing the PANI content in the blends. This sug-
gests that the ordered crystalline structure of the semicrystalline mPOE was disturbed in
the mPOE/PANI blends due to the formation of a crosslinked structure, which caused
a decrease in the molecular mobility of the POE chains, and, thus, the crystallization is
restricted, as manifested by the decrease in Tm and χc [36,37].

Table 1. Thermal characteristics of mPOE/PANI blends.

Sample Tm (◦C) ∆Hm (J/g) χc (%) 1

Neat mPOE 45.2 19.9 6.8
mPOE/PANI (97/3) 44.4 18.6 6.3
mPOE/PANI (95/5) 43.8 17.1 5.8

mPOE/PANI (90/10) 43.6 15.3 5.2
mPOE/PANI (85/15) 43.2 14.8 5.1

1 χc = 100 × (∆Hm/∆Hm
◦)/w. ∆Hm and ∆Hm

◦ are heats of melting for the sample and 100% crystalline LDPE
(293 J/g), respectively. w: mass of the sample.
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3.5. Tensile Properties

The stress–strain curves of neat mPOE and the mPOE/PANI blends are shown in
Figure 4, and the results are summarized in Table 2. The tensile strength and modulus at a
given strain of the blends are higher than those of neat mPOE, and the values increased
with increasing PANI content in the blends. Neat mPOE exhibits typically elastomeric
behavior, undergoing large deformation (about 1000% strain) with a low modulus. The
blends exhibited similar deformation, along with a higher tensile modulus and strength,
without serious loss of elongation at break, compared to neat mPOE. Such enhanced tensile
properties are ascribed to the rigid nature of the PANI dispersed in the elastomer matrix,
along with the strong interfacial adhesion between the two phases formed by covalent
bonding, as discussed in the section above.
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Table 2. Tensile properties of mPOE/PANI blends.

Sample 100% Tensile Modulus
(MPa)

300% Tensile Modulus
(MPa) Tensile Strength (MPa) Elongation-at-Break (%)

Neat mPOE 1.2 ± 0.1 1.5 ± 0.1 3.3 ± 0.2 1030 ± 70
mPOE/PANI (97/3) 1.6 ± 0.1 2.0 ± 0.2 4.6 ± 0.3 1000 ± 70
mPOE/PANI (95/5) 1.7 ± 0.1 2.0 ± 0.2 4.6 ± 0.3 950 ± 50

mPOE/PANI (90/10) 1.7 ± 0.1 2.2 ± 0.2 5.0 ± 0.3 940 ± 50
mPOE/PANI (85/15) 1.9 ± 0.1 2.5 ± 0.2 5.3 ± 0.3 820 ± 40

3.6. Melt Rheological Properties

It was observed that the blends are melt processable, even though they form a
crosslinked structure, which suggests that the blends formed a physically crosslinked
structure. In order to observe the effect of blend composition on melt rheological properties,
melt viscosity was measured as a function of frequency by an oscillatory rheometer, and
the results are presented in Figure 5. It can be observed that the melt viscosity of the
mPOE/PANI blends showed a higher value compared to neat mPOE, especially at low
frequencies, and it increased with increasing PANI content in the blends. Such enhanced
viscosity of the mPOE/PANI blend indicated that the flow of POE chains in the molten state
was restricted by the rigid PANI nanoparticles dispersed in the POE matrix. Additionally,
all the blends showed typical shear-thinning behavior, in which viscosity decreases with
increasing frequency, which is pronounced by increasing the PANI content in the blends.
In general, the shear-thinning behavior is more pronounced in solid-like materials, such as
the crosslinked polymer and polymer composites [38,39].
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3.7. Photothermal Effects

A photothermal effect occurs when the exposed light is absorbed by a substance
and is converted into thermal energy, thereby increasing the substance temperature. The
photothermal effect of the samples was observed by measuring the surface temperature
under irradiation of NIR light (1.0 W/cm2). Figure 6 shows the surface temperature of
the pristine mPOE and mPOE/PANI blends as a function of NIR exposure time. The
surface temperatures of the mPOE/PANI (85/15) blends increased from room temperature
to 82 ◦C within 10 min of exposure, whereas the surface temperature of the neat mPOE
only increased slightly. The results reveal that the PANI nano-domains dispersed in
the POE matrix worked as photothermal nanoheaters, converting the imposed NIR to
thermal energy.
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3.8. NIR Light-Induced Shape Memory Effect

As discussed above, the mPOE/PANI blends formed a crosslinked structure via the
chemical reaction between PANI and semicrystalline maleated POE, and the modulus in
the plateau region, which is related with crosslink density, increased with increasing PANI
content. Further, the mPOE/PANI blends exhibited higher photothermal behavior with
increasing PANI content. These results indicate that PANI acted as a crosslinking agent
for the semicrystalline elastomer, as well as a photothermal nanoheater. These structural
features of the blends enable them to exhibit shape memory behavior, i.e., crosslinked points
stabilize the permanent shape, and a reversible phase, which has a crystalline melting
transition, serves as a switch. A tensile recovery test was used to evaluate the light-induced
shape memory effects of the samples. Shape recovery was observed to occur when the
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temporarily fixed specimen was exposed to NIR light, and the results are demonstrated
in Figure 7, and the shape fixity (Rf) and shape recovery (Rr), calculated according to
Equations (1) and (2), respectively, are shown in Table 3. It can be observed that Rr
increased with increasing PANI content in the blends, and reached 96% for the blend with
a PANI content of 15 wt.%. The improved shape recovery of the blends with a higher PANI
content is ascribed to the increased crosslinked points, as well as the higher photothermal
effects, as shown in the sections above. When the blend sample was deformed under a
tensile load above its Tm, elastic energy was stored during this deformation. Photothermal
heating led to the melting of the crystalline domains of the temporarily fixed sample, and
the polymer chains recovered to its original shape by releasing the stored energy.
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4. Conclusions

This study demonstrated that an NIR light-responsive shape memory elastomer can be
fabricated by simple melt blending of a maleated semicrystalline polyolefin elastomer, with
a small amount of polyaniline. Studies on phase morphology, thermo-mechanical analysis,
and melt rheological analysis revealed that the blends formed a physically crosslinked
semicrystalline polymer network, and the polyaniline nanodomains dispersed in the
semicrystalline POE matrix acted as photothermal agents, as well as crosslinked points.
Due to photothermal heating by the PANI nanoparticles, the crosslinked blends exhibited
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Abstract: Polyketones (PKs) having strong hydrogen bonding properties and a chain extender are
used as additives in the melt processing of nylon 6 (PA6). Their effect on the chain structure and
properties of PA6 is studied to enhance the processability of PA6 in melt processing. The addition of
the chain extender to PA6 increases the melt viscosity by forming branches on the backbone. The
addition of PKs results in an additional increase in viscosity through the hydrogen bonding between
N–H of PA6 and C=O of PK. The change in the N–H bond FT-IR peak of PA6 and the swelling
data of the PA6/PK blend containing a chain extender, styrene maleic anhydride copolymer (ADR),
suggest that incorporation of chain extender and PK in the melt processing of PA6 results in physical
crosslinks through hydrogen bonding between the branched PA6 formed by the addition of chain
extender and PK chains. This change in the chain structure of PA6 not only increases the melt strength
of PA6 but also increases randomness resulting in decreased crystallinity.

Keywords: nylon 6; polyketone; chain extender; hydrogen bonding; chain branching; chain crosslink-
ing; melt viscosity

1. Introduction

Polyamide is the most widely used thermoplastic polymer among engineering plastics
due to its superior mechanical properties and chemical resistance [1–3]. PA6 has generally
been used as a textile material substituting natural fibers [4,5], but recently, it is being
used widely for automotive parts due to its excellent impact resistance and abrasion
resistance [6–8]. PA6 automotive parts are generally processed by melt processing such as
extrusion or injection molding, and for thermal stability, chain extenders can be used to
introduce branches and increase the molecular weight [9–11]. Diverse reinforcing materials
can also be introduced to prepare nylon composites [12,13]. As the extrusion or injection
molding of PA6 is carried out at a relatively high temperatures above 220 ◦C, chain scission
by thermal degradation results in a decrease in the molecular weight [14], and thus, the
melt strength and mechanical properties of the product are decreased significantly. The
thermal degradation is known to be accelerated by the presence of water in PA6 [15].

To deal with the thermal degradation during melt processing, the following methods
have been reported: solid-state polymerization (SSP), where the thermal degradation
products can be removed by the introduction of inert gas in a vacuum state to minimize
further thermal degradation [16]; and extension of the degraded chain by the introduction
of chain extenders containing functional groups, which can react with the diverse end
groups produced by the degradation of PA6 [17]. The most widely used chain extenders for
PA6 are those that can react with the carboxyl (–COOH) or amino(–NH2) groups produced
by the thermal degradation of PA6 in the presence of water such as bis caprolactam [18],
bislaurolactamdiaryl lactam, or bisoxazoline [19] or those containing anhydride functional
groups, which can react with O=C–NH2 or –CH=CH2 end groups produced by thermal
degradation in the absence of water, such as Joncryl ADR [20,21] or epoxy resin [22].
The addition of a chain extender increases the molecular weight of PA6 by branching or
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partial crosslinking of PA6 through reaction with the end groups produced in the high-
temperature melt processing to result in an increase in the melt strength, thus enhancing
the processability and overall properties such as mechanical properties.

PA6, poly(ethyl cyanoacrylate)(PECA), PK, etc. with polar groups such as –NH, –OH,
and C=O can exhibit dipole–dipole interaction, ion–dipole interaction, and hydrogen
bonding in blending. Especially, PK having –C=O groups in the main chain capable
of forming strong hydrogen bonds is reported to be very compatible with PA6 in melt
processing due to its hydrogen bonding with the –NH bonds of PA6 [23–26]. Although
this hydrogen bonding is expected to affect the chain structure of PA6 and thus the overall
properties, there is no report emphasizing this aspect. Direct modification of PK with
diamines resulted in a dramatic increase of the tensile strength of PK [27]. It was also found
that hydrogen bonding between PK and PECA resulted in interpenetrating networks by
which wettability and morphology can be controlled [28].

In this study, enhancement of the melt strength and mechanical properties through
the introduction of branches to PA6 is attempted by adding PK, thereby, enhancing the
melt viscosity of PA6 in injection molding. The capability of PK to form hydrogen bonds
with PA6 in the melt processing of PA6 with chain extender was investigated. The effect
on the chain structure of PA6 and the resulting change in the rheological and mechanical
properties are studied.

2. Experimental
2.1. Materials

The PA6 used in this study was Taekwang RV 2.10 (Seoul, Korea), with a melting
point of 221 ◦C, specific gravity of 1.12 g/cm3. The PK used as an additive was Hyosung
M630A (Seoul, Korea), a terpolymer of carbon monoxide, ethylene, and propylene, with a
melting point of 218 ◦C, MI 6 g/10 min, propylene content of 5.64%, and specific gravity of
1.24 g/cm3. The chain extender, multifunctional styrene-acrylic oligomer (Joncryl ADR
4370, Qingdao, China), was purchased from BASF. Antioxidant ZIKA-1010 6683-19-8 was
purchased from ZIKO (Anyang-si, Korea) and used to minimize thermal degradation in
the melt processing. Tetrahydrofuran (THF, Sigma-Aldrich, Darmstadt, Germany) was
used to measure the degree of swelling of PA6 and PA6/PK blend.

2.2. Sample Preparation and Reactive Processing

PA6 was vacuum dried at 80 ◦C for 24 h. to minimize the hydrolytic thermal degra-
dation prior to melt blending. Haake internal mixer (Karlsruhe, Germany) was used to
blend dried PA6, ADR, PK, and antioxidant ZIKA-1010 at different ratios. The antioxidant
concentration was fixed at 0.2%, and 1, 3, 5 phr ADR and 1, 3, 5, 10 wt.% PK were added,
respectively or together, to 40 g PA6 and blended at 220 or 260 ◦C for 15 min at a stirring
speed of 30 rpm. The change in torque with blending time of PA6 with PK and ADR was
observed. The blend was compression molded at 220 ◦C into a 20 mm × 20 mm mold of
different thicknesses on a QMESYS QM900A (Uiwang, Korea) and quenched to 4 ◦C to
obtain the samples. Samples (1 mm thick) were prepared for rheological testing, FT-IR and
degree of swelling tests, and 0.35-mm-thick samples were prepared for tensile testing.

2.3. Characterization

Rotational rheometer AR2000ex (TA Instruments, New Castle, DE, USA) was used to
evaluate the rheological properties of the melt. The sample was attached to a 25 mm ETC
steel plate, then the complex viscosity and the loss tangent were measured at a rotation
speed of 0.1–628 rad/s and 1% deformation at 220 ◦C.

The crystallinity of the samples (χ) was calculated using the following equation with
data obtained on a TA differential scanning calorimeter Q20 (TA Instruments, New Castle,
DE, USA) scanning from −50 to 260 ◦C, at a heating rate of 10 ◦C/min.

χ =
∆Hm

∆Hom
× 100% (1)
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where ∆Hm: enthalpy of melting, ∆Ho
m: enthalpy of melting of pure PA6 (190 J/g) [29].

Infrared spectra of the PA6 and PA6/PK blends were obtained on a Thermo Scientific
Nicolet iS10 FT-IR (Thermo Scientific, Waltham, MA, USA) in the ATR mode, in the range
4000–500 cm−1 at a resolution of 4 cm−1 and scan number of 16.

The degree of swelling in THF was measured to confirm the changes in the chain
structure such as partial crosslinking of PA6 on mixing with ADR and PK. A 20 mg (Wd)
sample was put in 0.6 mLTHF and sonicated at 50–70 ◦C for 100 min on a Hwashin
Powersonic 410 (Gwangju-si, Korea), then the weight of the sample (Ww) was measured to
calculate the degree of swelling (DS%) with the following equation.

DS(%) =
Ww−Wd

Wd
× 100 (2)

The mechanical properties were evaluated by measuring the tensile strength, Young’s
modulus, and elongation at break with 10 mm × 20 mm × 0.35 mm samples on a Lloyd
tensile tester LR30K (LLOYD, Cleveland, OH, USA) at a crosshead speed of 10 mm/min.

3. Results and Discussion

The change in the torque of the mixer along with the mixing time of PA6 and PK at
220 ◦C is shown in Figure 1a. As can be seen in the figure, the torque increased rapidly
initially when PA6 was fed into the mixer as it started to melt but stabilized within 2 min
on melting. Once the torque stabilized after the addition of PK, the torque was higher
compared with that of PA6 alone, which was due to the higher melt viscosity of PK. Another
significant observation was that after 6 min, when PA6 and PK were substantially mixed,
the torque again increased. The rapid increase in torque in the molten state suggests that
reaction or mutual interaction was occurring. As PA6 and PK both have polar groups such
as –NH and –C=O, we can expect hydrogen bonding between the polar groups in the PA6
domain and PK co-domain in the blend, once mixing occurs to a certain degree (Figure 1a).
The schematic is shown in Figure 2a. Figure 1b shows the change in torque with time when
5 phr of the commonly used chain extender Joncryl ADR was added to PA6 prior to the
addition of PK. Compared with the PA6/PK blend in Figure 1a, the torque initially did not
show much difference when ADR was added prior to mixing PK; however, after a relatively
short mixing time of 4 min, a drastic torque change occurred due to the interaction of the
polar groups, with the increase being higher at higher PK contents. In addition, the time
at which the torque started to increase decreased with increase in the PK content. This
shows that the epoxy groups of the chain extender ADR and –COOH or –NH2 groups
of PA6 reacted to form branches on PA6 (Figure 2b), and then physical crosslinks were
formed between the branched PA6 and PK chains through hydrogen bonding interaction
(Figure 2c).
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Figure 1. Melt torque as a function of mixing time for PA6/PK blends; (a) without chain extender;
(b) with chain extender(5 phr).
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Figure 3a shows the effect of ADR content on the torque change in PA6 and PA6/PK
(90/10) blend during the mixing process. In the case of PA6, a slight increase in the torque
was observed with the increase in the ADR content due to chain extension, but a drastic
increase in the torque was not observed with mixing time. However, in the case of the
PA6/PK blend, a drastic increase in the torque was observed with increase in the ADR
content. This suggests that with increase in the ADR content more branches occurred on
PA6 due to chain extension, and the branched PA6 chains affected the hydrogen bonding
with PK to change the resulting structure, that is, the structure was not the linear PA6
structure in Figure 2a, but rather the structure with physical crosslinks shown in Figure 2c.
The effects of ADR content and mixing temperature on the change in torque in PA6 and
PA6/PK blends are shown in Figure 3. Increase in the ADR content in PA6 increased the
content of reactive ADR epoxy groups to increase the number of branches resulting in
overall increase in the torque. However, in the case of PA6/PK blends, increase in the
ADR content resulted in a drastic increase in the torque due to an increase in hydrogen
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bonding between the branches on PA6 and PK. The effect of mixing temperature on the
change in torque was negligible in the case of PA6 due to its relatively low melt viscosity,
but when ADR was added, the torque increased with increase in the mixing temperature,
and when ADR and PK were added, the torque increase became more drastic and the time
at which the torque increases became shorter. This suggests that the increase in the mixing
temperature resulted in an increase in the formation of end groups with which the added
ADR could react to form branches and in a drastic increase in the torque through hydrogen
bonding between the branched PA6 chains and PK.
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Figure 3. Effect of mixing time on the melt torque of PA an PA6/PK(90/10) blend (a) at different
ADR contents and (b) processed at different mixing temperatures.

The change in the FT-IR spectrum with addition of the chain extender ADR in PA6
and PA6/PK 90/10 blend is shown in Figure 4, and the change in the maximum absorption
of the respective peaks with the amount of ADR added is shown in Figure 5. The change
in the maximum absorption of the characteristic FT-IR peaks of the amine N-H stretching
peak at 3294 cm−1and the bending peak at 1538 cm−1 of PA6 with ADR content are shown
in Figure 5a,b, and the change in the maximum absorption of the FT-IR peak of the NHC=O
bond at 1634 cm−1 and C=O bond at 1699 cm−1 in PK and PA6/PK blends are shown
Figure 5c,d, respectively. There was no change in the maximum absorption of the C=O
bond in PK with ADR content, while the maximum absorption of the –NH bond and
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NHC=O bond of PA6 decrease with the addition of PK and ADR. This shows again that the
addition of ADR results in a change in the chain structure from the formation of branches
and that a change in the chain structure due to hydrogen bonding between the polar C=O
of PK and the NH– and –NHC=O of PA6 is occurring simultaneously.
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Figure 5. Effect of ADR content on the maximum absorption of the peaks due to amino and carbonyl groups in PA6 and
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To confirm the change in the chain structure due to hydrogen bonding between PA6
and PK, the change in the degree of swelling of the PA6/PK blend THF at 50 ◦C with ADR
content is shown in Figure 6. The PA6 and PA6/PK blend dissolved completely in THF in
the absence of ADR, and PA6 dissolved in THF even when ADR was present, but when
ADR was added to the PA6/PK blends, they did not dissolve in THF but just swelled. The
degree of swelling of the PA6/PK blend increasedwith the ADR content and amount of
PK in the blend. This result suggests that the change in the chain structure on addition
of ADR to PA6 and to PA6/PK blend is different. That is, chain extension of PA6 with
ADR resulted in branched PA6 (Figure 2b), which is soluble in THF, while the addition
of ADR to PA6/PK blends resulted in physical crosslinking between the branched PA6
chains and PK through hydrogen bonding (Figure 2c), and thus they did not dissolve in
THF but swelled. The increase in ADR content increased the degree of branching of PA6,
and thus, the amount of hydrogen bonding with PK to increase the degree of swelling. To
observe the effect of dissolution temperature on the solubility of PA6 in THF, the change in
the degree of swelling with solvent temperature is shown in Figure 7, where the sample
was the PA6/PK 90/10 blend in which physical crosslinking through hydrogen bonding
was expected. If the crosslinking was chemical, the degree of swelling should increase
with solvent temperature; however, the degree of swelling decreased and there was also a
change in the shape of the sample suggesting an increase in the solubility results in partial
dissolution of the ADR containing PA6/PK blend. This substantiates the observation that
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the crosslinking between branched PA6 and PK in the presence of ADR was not chemical
but physical crosslinking.
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Figure 6. Effect of chain extender, ADR content on the degree of swelling of PA6/PK blends swollen
in THF at 50 ◦C for 100 min.
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Figure 7. Effect of solvent temperature on the degree of swelling of PA6/PK(90/10) blend with ADR
in THF for 100 min.

The dynamic rheological properties are known to be greatly affected by branching
and crosslinking [30]. The complex viscosity and the loss tangent of PA6 and PA6/PK
blend shown in Figure 8 show that both exhibited a typical non-Newtonian shear thinning
behavior and that the addition of ADR resulted in an increase in the viscosity with the
shear thinning behavior becoming more pronounced with increase in the ADR content. The
effect of chain branching on the shear viscoelasticity is generally known to be dependent
on the length of the branch [31]. Short branches cause a small change in the viscosity and
a small change in viscosity with shear rate as they are within the entanglement radius
of the melt, while long branches protrude out of the entanglement radius to increase the
viscosity and accentuate the decrease in the viscosity with increase in shear rate. The loss
tangent shown in Figure 8b also decreased with the formation of long chain branches in
the presence of chain extender. The loss tangent has an inverse relationship with the melt
strength, which affects the melt processing properties [32]. That is, the melt processability
of PA6 was enhanced by the addition of ADR due to the formation of long chain branches.
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In the case of PA6/PK blends, the complex viscosity increased due to the relatively high
viscosity of PK and the suggested hydrogen bonding between PA6 and PK, exhibiting
a drastic increase with addition of ADR, and the shear thinning behavior characteristic
of non-Newtonian fluids also showed a more drastic change compared with when only
ADR was added to PA6. This shows that the change in chain structure due to ADR was
completely different in the case of PA6 and PA6/PK blends as shown in Figure 2. As seen
in Figures 6 and 7, contrary to the formation of long chain branches with the addition
of ADR to PA6, the hydrogen bonding between branched PA6 and PK formed physical
crosslinks, which caused a drastic increase in the viscosity and shear thinning behavior in
the case of PA/PK blends. The change in the viscoelastic properties with these changes
in the chain structure resulted in a significant decrease in the loss tangent at low shear
rates, as can be seen in Figure 8b. Thus, minimization of the decrease in the molecular
weight through chain extension and the formation of physical crosslinks between branched
PA6 and PK may also solve the low melt viscosity drawback in PA6 melt processing. The
effect of mixing temperature on the rheological properties of PA6/PK blends shown in
Figure 9. PA6 did not exhibit a significant change in the viscosity with the change in mixing
temperature from 220 to 260 ◦C, suggesting that there was not a significant change in the
extent of thermal degradation at these temperatures. When ADR was added to PA6, an
increase in viscosity occurred. This suggests that although there was not a significant
decrease in the molecular weight, more end groups were formed that reacted with ADR to
form branches increasing the viscosity. However, the loss tangent increased, suggesting
there was a change in the length of the branches with change in mixing temperature. In
the case of PA6/PK blend with added ADR, the mixing temperature did not have an effect
on the melt viscosity or the loss tangent, suggesting that the change in the chain structure
with change in mixing temperature did not have a significant effect on their rheological
behavior. This suggests that the physical crosslinking through hydrogen bonding had a
greater effect on the rheological properties compared with that of the branching of PA6.
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viscosity; (b) loss tangent.
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Figure 9. Effect of mixing temperature on the rheological properties of PA6 and PA6/PK blend with
chain extender, ADR: (a) complex viscosity; (b) loss tangent.

The change in the crystallinity with the addition of ADR to PA6 and PA6/PK blends
is shown in Figure 10. The crystallinity of PA6 decreased on blending with PK and that
of PA6 and PA6/PK blends all decreased with the addition of ADR. The decrease in
crystallinity with addition of ADR was due to the change in the chain structure caused by
the chain extension with ADR. As confirmed, the long chain branching and the physical
crosslinking effected by addition of ADR and PK decreased the regularity of the chain and
hindered the crystallization of nylon 6 to decrease its crystallinity. The greater decrease in
the crystallinity on addition of ADR to PA6/PK blends compared with PA6 suggests that
physical crosslinking with addition of PK decreased the crystallinity to a greater extent
compared with long branching formed by chain extension with ADR. The crystallinity also
decreased when mixed at higher temperature and with an increase in the ADR content,
suggesting that the degree of branching of PA6 with ADR also influenced the crystallization
of PA6. The changes in the mechanical properties of PA6 and PA6/PK blends with ADR
content in Figure 11 show that the mechanical properties were enhanced by the addition
of ADR and PK. The change in chain structure by the introduction of long branches and
physical crosslinks through the addition of ADR increased the melt viscosity to enhance the
melt processability, which also increased the chain orientation. Increase in chain orientation
is known to increase the physical properties of polymers such as tensile strength and elastic
modulus. Especially, physical crosslinking exhibits a greater increase in the elongation at
break compared with long chain branching, as observed in previous figures.
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Figure 10. Effect of chain extender, ADR, content on the crystallinity of PA6 and PA6/PK blends
with chain extender, reflecting the influence of chain branching.
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Figure 11. Effect of chain extender, ADR, content on the mechanical properties of PA6 and PA6/PK blends with chain
extender, reflecting the influence of chain branching: (a) tensile strength; (b) Young’s modulus; (c) elongation at break.
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4. Conclusions

Chain extenders used widely in the melt processing of polymers and PK capable of
hydrogen bonding were added in the melt processing of PA6, and their effects on the chain
structure and properties of PA6 were studied. Long chain branching was formed on PA6
through the addition of the chain extender ADR, and physical crosslinking was introduced
by further addition of PK, which formed hydrogen bonds with long chain branched PA6.
These changes in the chain structure increased the melt viscosity of PA6 and accentuated
the shear thinning behavior to enhance the melt processability. Especially, the physical
crosslinking introduced by the addition of PK was effective in the enhancement of the melt
processability of PA6 and also resulted in a decrease in the crystallinity and an increase in
the physical properties.
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Abstract: Rubber compounding with two or more components has been extensively employed to
improve various properties. In particular, natural rubber (NR)/ethylene-propylene-diene monomer
rubber (EPDM) blends have found use in tire and automotive parts. Diverse fillers have been ap-
plied to NR/EPDM blends to enhance their mechanical properties. In this study, a new class of
mineral filler, phlogopite, was incorporated into an NR/EPDM blend to examine the mechan-
ical, curing, elastic, and morphological properties of the resulting material. The combination
of aminoethylaminopropyltrimethoxysilane (AEAPS) and stearic acid (SA) compatibilized the
NR/EPDM/phlogopite composite, further improving various properties. The enhanced properties
were compared with those of NR/EPDM/fillers composed of silica or carbon black (CB). Compared
with the NR/EPDM/silica composite, the incompatibilized NR/EPDM/phlogopite composite with-
out AEAPS exhibited poorer properties, but NR/EPDM/phlogopite compatibilized by AEAPS and
SA showed improved properties. Most properties of the compatibilized NR/EPDM/phlogopite
composite were similar to those of the NR/EPDM/CB composite, except for the lower abrasion
resistance. The NR/EPDM/phlogopite/AEAPS rubber composite may potentially be used in various
applications by replacing expensive fillers, such as CB.

Keywords: phlogopite; natural rubber (NR); ethylene-propylene-diene monomer rubber (EPDM);
phlogopite; mechanical properties; compatibility

1. Introduction

Rubbers with high diene contents, such as natural rubber (NR), polybutadiene, nitrile
rubber, and styrene-butadiene rubber, exhibit poor outdoor properties [1–4]. In particular,
NR is a natural biosynthesis polymeric rubber composed of isoprene with minute organic
impurities and water. Among the high diene concentration-containing rubbers, NR has
been extensively exploited, either alone or in combination with other materials, in a wide
range of applications, such as in automobiles, trains, tires, conveyor belts, hoses, balls,
cushions, gloves, and shoes [1,5–7]. NR features good elasticity (resilience), strength,
and processing characteristics, and excellent physical and mechanical properties [8–11].
However, its poor heat, UV, oxygen, and ozone resistance caused by the highly unsaturated
polymeric backbone hinders some applications requiring weathering resistance [12–14].

Instead of creating a new singular rubber material, an alternative facile avenue of de-
veloping a new advanced material with the required properties is the blending of different
rubbers [15,16]. Ethylene-propylene-diene monomer (EPDM) rubber is a less unsaturated
elastomer and is polymerized using ethylene and propylene, with a small concentration of
nonconjugated diene. EPDM features good aging characteristics, good resistance to weath-
ering, and oxidation and chemical resistance [17,18]. The poor environmental (ozone, heat,
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and UV) resistance of the NR phase was considerably countered by the EPDM phase with-
out sacrificing the unique properties of NR in NR/EPDM rubber blends [19–21]. EPDMs
exhibit a balance among chemical, electrical, thermal, and mechanical properties [22]. Thus,
NR/EPDM rubber blends have been extensively employed in various applications, partic-
ularly in tire-related parts [23]. However, the difference in the olefin content between NR
and EPDM causes their respective cure rates to be incompatible, which adversely affects
the mechanical properties of the blends [24–26]. The mechanical properties have been
enhanced by many approaches such as epoxidizing NR, grafting a vulcanization inhibitor,
grafting an accelerator onto EPDM (modified EPDM), two-stage vulcanization, reactive
blending, and incorporating compatibilizers or reinforcing fillers [27–31].

In terms of reinforcing fillers, carbon black (CB), silica, clay, and CaCO3 are widely
utilized in rubber systems, similar to thermoplastic polymer systems [32–35]. In particular,
NR/EPDM blend systems inevitably require fillers to enhance the mechanical properties,
improve processability, add colors, and reduce the cost. The incorporation of fillers into
rubbers brings about diverse interactions at the rubber–filler interfaces [36,37]. Among
the various fillers, CB and silica are the most widely used [20,38]. Despite their strong
interactions with rubbers, they are relatively expensive, and the application of CB has
been hindered owing to its black color [37,38]. Therefore, potential fillers such as soybean
protein [39], organo-montmorillonite [40], bio-based fibers [41,42], and biochar [43] have
been investigated as alternatives.

Mica (dioctahedral: muscovite and paragonite; trioctahedral: biotite and phlogopite)
is commonly utilized to improve the mechanical properties, dynamic characteristics, wear
resistance, and processability of rubber composites [44–47]. Among mica fillers, phlogopite
as a filler has been introduced in applications such as adhesives [48], plastic parts [49–51],
and cosmetics [52]. However, phlogopite has not been employed in rubber applications.
Thus, in this study, the effects of phlogopite and a coupling agent for the filler–rubber
interfaces on mechanical properties were explored and compared with those of carbon
black and silica.

2. Experiment
2.1. Materials

Natural rubber (NR, STR 5L) and ethylene-propylene-diene monomer rubber (EPDM,
Keltan KEP-960N(F)) were purchased from PAN STAR Co. (Bangkok, Thailand) and
Kumho Polychem Co. (Seoul, Korea), respectively. Carbon black (CB; N330, 28–36 nm,
Aditya Birla Chemicals Co., Estado indio, India), phlogopite (LKAB Minerals Co. 40–80 µm,
Luleå, Sweden), and silica (3M Co. 20–30 µm, St. Paul, MN, USA) were used as reinforcing
fillers. Zinc oxide (ZnO), stearic acid (SA), tetramethylthiuram disulfide (TMTD), N-
cyclohexyl-2-benzothiazyl sulfonamide (CBS), and sulfur were purchased from Puyang
Willing Chemical Co. (Puyang, China). Aminoethylaminopropyltrimethoxysilane (AEAPS,
OFS-6020, Dow Chemical Co., Midland, MI, USA), DI water (BNOChem Co., Cheongju,
Korea), and acetic acid (BNOChem Co., Cheongju, Korea) were used for improving the
compatibility of the NR/EPDM blend and phlogopite. The AEAPS solution (AEAPSS) was
composed of AEAPS, DIW, and acetic acid (30:20:50 wt%).

2.2. Rubber Compounding

The pre-mixing (mastication) of NR (62.5 wt%) and EPDM (37.5 wt%) was carried out
using an open two-roll mill to produce a blend band form. Fillers (10 parts per hundred
resin (phr)) were added to the rubber blend, followed by the incorporation of ZnO (5 phr)
and stearic acid (2 phr). In the case of phlogopite addition, AEAPSS (0, 2, 5, and 10 phr)
was added together with phlogopite. After the mixture was mixed for 15 min, TMTD
(1 phr), CBS (1 phr), and sulfur (1 phr) were added to the mixture and mixed for 10 min.
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2.3. Curing Characteristic
2.3.1. Cure Time (T90)

Cure characteristics were examined at 170 ◦C using a rheometer (DRM-100, Daekyung
Engineering Co., Ulsan, Korea) to determine the T90 (time at 90% cure extent). The mean
values were determined on the basis of five measurements for each sample.

2.3.2. Mooney Viscosity

The Mooney viscosity was determined at 125 ◦C for 4 min using a Mooney viscometer
(DWV-200C, Daekyung Engineering Co., Ulsan, Korea). The sample was pre-heated at 125
◦C for 1 min prior to the measurements.

2.4. Mechanical Properties
2.4.1. Tensile Properties

Uniaxial tensile deformation was performed using a universal testing machine (UTM;
DUT-500CM, Daekyung Engineering Co., Ulsan, Korea). The tests were performed ac-
cording to ISO 37. The cross-section of the specimen was 6 × 2 mm, and the gauge length
was 40 mm. The specimens were elongated at a constant strain rate of 500 mm/min at
22–24 ◦C. The mean values were determined based on five specimens. The toughness was
determined by integration of stress–strain curves.

2.4.2. Hardness

The shore A hardness of the rubber blends and composites was measured according
to ISO 48 using a hardness tester (306L, Pacific Transducer instruments, Los Angeles, CA,
USA). The mean values were determined based on five specimens.

2.4.3. Rebound Resilience

The rebound elasticities of the rubber blends and composites were measured using a
ball rebound tester according to ISO 4662. The specimens were maintained at 22–24 ◦C for
2 h prior to the measurements. The round ball fell onto the samples, and the rebounding
height was measured. The mean values were determined based on five specimens.

2.4.4. Abrasion Resistance

An abrasion resistance test was conducted using an abrasion tester (DRA-150, Daekyung
Engineering Co., Ulsan, Korea). A 2.5 × 2.5 cm sample was placed on a cylindrical tester
with a diameter of 15 cm. A cylindrical hammer (470 g) was applied to the sample surface
to provide uniform contact forces in abrasive paper of 40 grit (XW341, Deerfos Co., Incheon,
Korea). The sample was abraded by rotating it 200 times at 40 rpm. The pristine NR/EPDM
was used as a reference sample. The abrasion resistance index (ARI) was calculated based
on Equation (1).

ARI =
∆mr pt

∆mt pr
× 100 (1)

where ∆mr, pr, ∆mt, and pt are the mass loss of the reference compound, density of the
reference compound, mass loss of the test rubber, and density of the test rubber, respectively.

2.4.5. Morphology

The morphologies of the NR/EPDM blend and NR/EPDM/phlogopite composites
were observed by scanning electron microscopy (SEM; Apreo, FEI Co., Hillsboro, OR, USA)
at an electron beam voltage of 10.0 kV (at the Center of Advanced Materials Analysis, Uni-
versity of Suwon, Hwaseong, Korea). The surface fractured during tensile tests was coated
with a 5–10 nm-thick gold layer using a sputter coater prior to the SEM measurements.

2.4.6. FTIR-ATR

Fourier transform infrared (FTIR) spectroscopy (Spectrum Two, PerkinElmer Inc.,
Waltham, MA, USA) with attenuated total reflection (ATR) mode was performed to in-
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vestigate the AEAPSS treatment. The thickness of the cured sample was 1 mm. The scan
number was 16.

3. Results and Discussion

Mooney viscosity tests have been widely utilized to measure the viscosity of raw
rubber materials prior to vulcanization. The Mooney viscosity of the pristine NR/EPDM
blend was the highest, whereas the incorporation of fillers (silica, CB, and phlogopite) into
the blends reduced the Mooney viscosity (Figure 1). The low concentration of filler barely
influences the Mooney viscosity. In particular, mica-based fillers with a platy architecture
commonly decrease the Mooney viscosity [45,46]. The infiltration of AEAPSS 2 phr into
the NR/EPDM/phlogopite elastomeric composites led to compatibilizing effects, thereby
increasing the Mooney viscosity. However, after the threshold quantity of 2 phr, the Mooney
viscosity decreased with the increasing AEAPSS concentration owing to the plasticization
of the excess AEAPSS.

Figure 1. Mooney viscosities of the NR/EPDM blends and composites with different fillers and
AEAPSS concentrations.

Rubber blends and composites with different formulations exhibited different curing
behaviors. The optimum curing time for rubber materials is typically defined as T90, which
is the time required for the torque to reach 90% of the maximum torque during curing. T90
is related to the time required for the development of the optimum properties. The curing
behaviors and T90 were noticeably influenced by the filler incorporation because of the filler–
rubber matrix interactions. The maximum torque for filler-reinforced rubbers typically
decreases as a function of temperature. Figure 2 shows the T90 values of the NR/EPDM
blends and composites with different fillers. The T90 values of the NR/EPDM/silica
and NR/EPDM/CB composites were lower than those of the pristine NR/EPDM blend,
whereas the incorporation of phlogopite into the blend without AEAPSS increased the T90
value. The NR/EPDM/phlogopite/AEAPSS composites showed the lowest T90 values
among the other filler-embedded NR/EPDM composites. This indicates that the amine
moieties of AEAPS accelerated the reaction rate of vulcanization [53,54].
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Figure 2. T90 of the NR/EPDM blends and composites with different fillers and AEAPSS concentrations.

Among various properties, the mechanical properties of rubber composites are crucial,
especially for tire and automobile applications. For instance, the tensile strength exhibits
the maximum stress before material failure in those applications. Figure 3a shows the
tensile strengths of the NR/EPDM blend and composites. The incorporation of silica and
CB into the NR/EPDM blend improved the tensile strength, whereas the tensile strength of
the NR/EPDM/phlogopite composite barely changed, compared with that of the pristine
NR/EPDM blend. This indicates incompatibility between the phlogopite filler and rubbers.
The additional infiltration of AEAPSS into the NR/EPDM blend gradually enhanced the
tensile strength of the composites as a function of the phlogopite concentration owing to the
compatibilizing effect. The elongation at break of each composite except 2 phr AEAPSS was
higher than that of the neat NR/EPDM blend, as shown in Figure 3b. The concentration
of 2 phr AEAPSS was insufficient to coat the phlogopite. In the absence of SA (red box
in Figure 3a–d), the compatibilizing effect was reduced, thereby resulting in a decrease
in mechanical properties. The tensile moduli of NR/EPDM/silica and NR/EPDM/CB
showed little change, whereas NR/EPDM/phlogopite, even without AEAPSS, portrayed a
slight enhancement in the tensile modulus, as shown in Figure 3c. Analogous to the tensile
strength results, the toughness of the composites was higher than that of the neat blend.
The compatibilized NR/EPDM/phlogopite/AEAPSS 10 phr composite exhibited a higher
toughness than the NR/EPDM/CB composite (Figure 3d). The stress–strain curves are
shown in Figure S1.

The hardness of rubbers typically indicates resistance to localized plastic deformation
that is triggered by mechanical indentation (or abrasion). The hardness is determined
by a combination of several factors, such as the elastic stiffness, strength, elongation,
toughness, ductility, and viscoelasticity. The shore A hardness is routinely utilized for
testing rubber materials. Each of the composites containing each filler exhibited greater
hardness than the NR/EPDM blend, as shown in Figure 4. The incorporation of AEAPSS
into the NR/EPDM/phlogopite composite slightly increased its hardness. The abrasion
resistance indexes (ARIs) of the blends and composites are shown in Figure 5. The ARI
of the NR/EPDM/CB composite was lower than that of the neat blend, whereas the
incorporation of silica and phlogopite into the blend enhanced the ARIs. Among the
various properties, the NR/EPDM/phlogopite composites showed the highest values of
the ARI, compared with other composites containing silica or CB.

The elasticity and flexibility of the rubber polymer chains can be confirmed by the
rebound resilience tests. The rebound resilience is defined as the ratio of the energy released
by the deformation recovery to that required to generate the deformation. It is common
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for the rebound resilience of rubbers to decrease with increasing filler concentration. The
infiltration of fillers into the rubbers reduces the elasticity of the rubber chains, thereby
decreasing the resilience properties. Figure 6 shows that the NR/EPDM/silica composite
exhibited the lowest reduction in rebound resilience. The effects of CB and phlogopite on
the rebound resilience were analogous to each other.
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Figure 3. Mechanical properties of the NR/EPDM blends and composites with different fillers and
AEAPSS concentrations: (a) tensile strength; (b) elongation at break; (c) tensile modulus at 100%;
and (d) toughness. The inset of Figure 3a indicates the pristine NR/EPDM, silica-, phlogopite-, and
CB-embedded NR/EPDM composites, from left to right.
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Figure 4. Hardness of the NR/EPDM blends and composites with different fillers and
AEAPSS concentrations.

Figure 5. ARI of the NR/EPDM blends and composites with different fillers and AEAPSS concentrations.

Figure 6. Rebound resilience of the NR/EPDM blends and composites with different fillers and
AEAPSS concentrations.
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Morphological studies of rubber composites are routinely performed by SEM. The
morphologies of pure fillers (CB, silica, and phlogopite) and the dispersity of fillers in
NR/EPDM systems are shown in Figures S2 and S3, respectively. Figure 7 shows the
fractured surfaces of the NR/EPDM blend and composites. The NR/EPDM blend showed
a smooth surface with little phase separation, as shown in Figure 7a. The silica- and
CB-embedded rubber composites showed good dispersion, with slight agglomeration
(Figure 7b,c). The incorporation of AEAPSS into the NR/EPDM/phlogopite composites
compatibilized the filler surfaces and rubbers, as observed in Figure 7d,e.

Figure 7. SEM images of the NR/EPDM blends and composites with different fillers and AEAPSS
concentrations: (a) none, (b) silica 10 phr, (c) CB 10 phr, (d) phlogopite 10 phr, (e) phlogopite
10 phr/AEAPSS 2 phr, and (f) phlogopite 10 phr/AEAPSS 10 phr.

FTIR-ATR was utilized to investigate the effect of AEAPSS on the phlogopite surface
treatments, as shown in Figure 8. The broad peaks between 450 and 520 cm−1 indicate Si–O
and Mg–O for phlogopite. The peaks at 950–990 cm−1 and 690 cm−1 are ascribed to Si–O
for phlogopite [55]. The peak at 1560 cm−1 contributing to amine for AEAPS that appeared
as 10 phr AEAPSS was added [56,57]. In addition, a peak at 610 cm−1 that is associated
with the bending vibration of Si–O–Si was observed, probably due to the formation of
Si–O–Si between the phlogopite and silane of AEAPSS [58]. On the basis of these results,
SA acted as a coupling agent between the rubbers and AEAPSS, whereas AEAPSS acted as
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a compatibilizing agent between phlogopite and SA, as shown in Figure 9. This interplay
created a useful NR/EPDM/phlogopite composite with enhanced properties.

Figure 8. ATR-FTIR spectra of pristine rubber blend and composites consisting of phlogopite 10 phr
and phlogopite 10 phr/AEAPS 10 phr.

Figure 9. Coupling interactions among phlogopite, rubbers, and stearic acid.

4. Conclusions

The effects of phlogopite on various properties (curing behavior, and mechanical,
elastic, and morphological properties) of an NR/EPDM blend were examined by com-
paring silica- and CB-reinforced NR/EPDM composites. In addition, the compatibilizing
effect of AEAPSS was investigated for the NR/EPDM/phlogopite composites to further
improve the phlogopite-embedded NR/EPDM composite. The combination of SA and
AEAPSS provided compatibilizing effects between rubbers and phlogopite. The incom-
patibilized NR/EPDM/phlogopite composite without AEAPSS showed poorer properties
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than the NR/EPDM/silica composite, whereas NR/EPDM/phlogopite compatibilized
by AEAPSS along with SA was superior to NR/EPDM/silica in terms of most properties.
Compared with the NR/EPDM/CB composite, the compatibilized NR/EPDM/phlogopite
composite exhibited slightly enhanced or similar properties, except for abrasion resistance.
Thus, NR/EPDM/phlogopite/AEAPSS composites may potentially be used in various
applications instead of silica- and CB-reinforced NR/EPDM composites.

Supplementary Materials: The following are available online at https://www.mdpi.com/article/
10.3390/polym13142318/s1, Figure S1: Stress-strain curves of NR/EPDM blends and composites
with different fillers and AEAPSS concentrations: (a) Different fillers and (b) different AEAPSS
concentrations with and without SA. Figure S2: SEM images of pristine fillers: (a, b) CB, (c) silica,
and (d) phlogopite. Figure S3: SEM images of the NR/EPDM composites with different fillers
and AEAPSS concentrations: (a) 10 phr CB, (b) 10 phr silica, (c) 10 phr phlogopite, and (d) 10 phr
phlogopite/10 phr AEAPSS.
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Abstract: Sulfonated poly(styrene-ethylene-butylene-styrene) copolymer (S-SEBS) was prepared as
an anion exchange membrane using the casting method. The prepared S-SEBS was further modified
with sulfonic acid groups and grafted with maleic anhydride (MA) to improve the ionic conducting
properties. The prepared MA-grafted S-SEBS (S-SEBS-g-MA) membranes were characterized by
Fourier transform infrared red (FT-IR) spectroscopy and dynamic modulus analysis (DMA). The
morphology of the S-SEBS and S-SEBS-g-MA was investigated using atomic force microscopy
(AFM) analysis. The modified membranes formed ionic channels by means of association with the
sulfonate group and carboxyl group in the SEBS. The electrochemical properties of the modified
SEBS membranes, such as water uptake capability, impedance spectroscopy, ionic conductivity, and
ionic exchange capacity (IEC), were also measured. The electrochemical analysis revealed that the
S-SEBS-g-MA anion exchange membrane showed ionic conductivity of 0.25 S/cm at 100% relative
humidity, with 72.5% water uptake capacity. Interestingly, we did not observe any changes in their
mechanical and chemical properties, which revealed the robustness of the modified SEBS membrane.

Keywords: SEBS; membrane; maleic anhydride; water uptake; impedance spectroscopy; ionic con-
ductivity

1. Introduction

The use of renewable energy sources, such as proton exchange membrane fuel cells
(PEMFC), is currently growing significantly owing to their environmental, social and
economic benefits [1,2]. The conventional renewable energy sources, such as solar and
wind, are intermittent and often unpredictable due to their dependency on the weather
conditions. These characteristics limit the degree to which utilities can rely upon them, and
currently such renewable energy alternatives comprise a small percentage of the primary
power sources on the electrical grid [3]. The need to satisfy the energy demand during
periods of low energy production has inspired the development of efficient energy storage
systems. Recently, the redox flow battery (RFB) has attracted an enormous amount of
attention as a promising energy storage system for solar power, nuclear power, emergency
uninterruptible power supply (UPS), and for batteries in electric vehicles. In particular,
large-scale storage systems are more beneficial as they offer a guaranteed energy supply
when using renewable energy sources over a long period. RFBs present several advantages
that makes them promising candidates for large-scale energy storage systems; they have
energy and power density, capacity which can be designed independently and easily
modified even after installation, a moderate operational temperature and a long-life, which
makes them highly reliable [3,4].

An RFB consists of electrolyte tanks from which the oxidant and reductant electrolytes
are circulated by pumps, through a cell stack comprising a number of connected cells.
Each cell comprises an anode and a cathode, which are separated by an ion exchange
membrane (IEM). The exchange membrane has been widely used in many fields of life.
For example, PEMFC, which includes a membrane, and two electrodes, has grown up with
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huge attraction because of its simple operation and fuel availability. The PEMFCs have
attracted attention from energy devices such as portable, mobile and stationary devices,
since it helps in the effective reduction in energy shortage and environmental pollution.
The IEM will play an important role in the future of electrical energy generation, which is
considered as renewable and clean energy. In addition, the IEM facilitates an improved
conductive path between the electrolytes. Therefore, it acts as a membrane separator
by preventing cross-mixing and direct chemical reaction of the oxidant and reductant
electrolytes from the two reservoir tanks [5,6]. Notably, the ion exchange membrane is a
major determinant of redox flow batteries’ performance, highlighting the importance of an
ideal membrane [7].

Perhaps the most commercially advanced RFB industry that uses a proton-exchange
membrane is the vanadium redox-flow battery (VRFB) system [8]. An ion exchange film
is an ionic membrane that can selectively separate cations and anions and is an optional
transmission film with a functional group that can attract or repel the ions. The IEM has
selective permeability to counter-ions due to fixed ions in the actuator. This means that
the charged agonist is fixed to the membrane and selectively transmits only the counter-
ion with different charges than the agonist, and not the co-ion with the same charge as
the agonist. This is called the Donnan exclusion effect—that is, the cation exchange film
selectively permeates the cation, and the anion exchange film selectively permeates the
anion. The Donnan exclusion effect also causes an unbalanced electrochemical potential
difference between the electrolyte and ion exchange membranes, resulting in potential
differences in the boundary of the IEMs. This potential difference causes the ions to
move until both electrochemical potentials reach equilibrium, which is called the Donnan
equilibrium [9]. The most widely used polymer electrolyte membrane is the Nafion 117,
a perfluorinated cation exchange film developed by Dupont in 1968. Perfluorometer ion
exchange membranes have excellent ion conductivity, chemical stability, and dimensional
stability, but crossover occurs due to low ion selection, and above all, they are expensive.
To overcome these shortcomings, many studies are being conducted on the development
of low-cost hydrocarbon ion exchange membranes [10]. Another important reason for the
IEM study is that ion exchange capacity (IEC) will play an important role in the future of
electrical energy generation, which is considered as renewable and clean energy [8].

Earlier studies clearly demonstrated that the block copolymers provide excellent sepa-
ration properties [11–15]. The poly(styrene-ethylene-butylene-styrene) copolymer (SEBS) is
one of the promising materials for membrane separators due to its high thermal, chemical,
and tunable mechanical properties, and cost effectiveness. The SEBS tri-block polymer
has further attracted considerable interest because of its promising proton conducting
properties [16,17]. Moreover, due to its simple structure over well-known Nafion 117,
the SEBS is considered as a promising anion exchange membrane. It is well known that
the key mechanical and electrochemical properties can be tuned via composition of the
backbone, hydrocarbon versus fluorocarbons [17,18]. Generally, sulfonated copolymers are
synthesized either by a direct copolymerization method or post sulfonated technique [19].
Recently, Mohanty et al. functionalized SEBS membranes through borylation using Suzuki
coupling reactions and demonstrated IECs of ca. 2.2 mmol/g [20]. However, the maleic
anhydride (MA)-grafted SEBS membrane not yet studied. The MA has ability to enhance
the electrochemical properties of SEBS membrane due to its promising solubility properties.

Moreover, while many studies have been conducted on IEM with sulfonation of SESB,
the ionic conductivity behavior between sulfonyl and carboxyl functional group in the
ionic exchange membrane has not been carried out in previous studies. In this study,
we investigated the ionic conductivity behavior of the SEBS membrane with the help
of different sulfonyl and carboxylic groups. We synthesized a high-quality sulfonated
SEBS-grafted-MA membrane (S-SEBS-g-MA), which permits higher conductivity than
conventional Nafion 117, and exhibits a good mechanochemical property with the help
of sulfosuccinic acid by cross-linking mechanism. Our electrochemical analysis revealed
that the modified membrane shows improved proton conductivity, IEC and water uptake
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properties. In addition, the dynamic modulus analysis (DMA) result confirms the improved
modulus properties.

2. Materials and Methods
2.1. Materials

The polymeric material used in this experiment was poly(styrene-ethylene-butylene-
styrene) copolymer (SEBS, ~118,000 g/mol, 28 wt% polystyrene, Sigma Aldrich, Seoul,
Korea). Maleic anhydride (MA, 98.96 g/mol, Daejung, Siheung, Korea) was used as the
grafting agent. Chloroform (99.8%, Aldrich, Seoul, Korea) and ρ-xylene (99%, Sigma
Aldrich, Seoul, Korea) were used as a solvent, while dicumyl peroxide (DCP, 98%, Sigma
Aldrich, Seoul, Korea), sulfosuccinic acid (SSA, 70 wt%, Sigma Aldrich, Seoul, Korea)
and chlorosulfonic acid (99%, Sigma Aldrich, Seoul, Korea) were used as an initiator, the
crosslinking agent and sulfonation inhibitor, respectively.

2.2. Synthesis of S-SEBS and S-SEBS-g-MA Membrane
2.2.1. Sulfonated SEBS (S-SEBS)

The S-SEBS were prepared by following procedures reported in the previous litera-
ture [21,22]. In this process, 10 wt% SEBS was dissolved completely in chloroform by being
vigorous stirred for 3 h. The 30 mL of above solution was casted in a circular glass Petri-dish
which results in ~150 µm thickness after drying at room temperature for 12 h. The dried
film was removed from the glass substrate and cut into a 1 cm × 1 cm square shape. The
sulfonation agent was prepared by diluting chlorosulfonic acid in 1,2-dichloroethane and
the prepared SEBS membrane was soaking into sulfonation agent for 5 min. Then, the
modified membrane sample washed several times with deionized water. The membrane
was immersed in deionized water over 24 h, before the tests were carried out.

2.2.2. Synthesis MA Grafted S-SEBS (S-SEBS-g-MA)

We used the backbone-functionalization method for the preparation of S-SEBS-g-MA
membrane. The typical scheme used for the preparation is shown in Figure 1. In typical
synthesis, 10 wt% SEBS was dissolved in ρ-xylene for 3 h with continuous stirring. Then,
maleic anhydride (MA) of 10 wt% was added into the SEBS solution under nitrogen gas
at 135 ◦C and stirred for 1 h. Next, dicumyl peroxide (DCP) as an initiator in ρ-xylene
was added and then stirred for another 1 h. After cooling at room temperature, 0.5 g
sulfosuccinic acid (SSA) is then added in the above solution. The prepared SEBS-g-MA
solution was casted on a glass substrate with a thickness of approximately 150 µm and
then dried for 12 h at room temperature. The completely dried film was carefully removed
from the glass substrate and cut into a square shape (size 1 cm × 1 cm). The SEBS-g-MA
membrane was soaked in sulfonation agent for 5 min, and then washing with deionized
water several times. The membrane was immersed in deionized water over 24 h before the
test was carried out.
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2.3. Characterizations
2.3.1. Fourier Transform Infrared (FT-IR) Spectroscopy

The FT-IR spectrometer (Spectrum 400, Perkin Elmer, Gwangju, Korea) was used to in-
vestigate the grafting and the functional groups in the synthesized membrane qualitatively.

2.3.2. Gel Permeation Chromatography (GPC)

The measurements were conducted using Shodex KF-804, Shodex KF-802, and Shodex
KF-801 column (HLC-8320 GPC, Tosoh, Gwangju, Korea) at 40 ◦C with the eluent flow rate
of 1 mL/min and injection of 100 µL. All samples were dissolved in tetrahydrofuran (THF)
before measurements. Polystyrene standard was used as a reference.

2.3.3. Topographical Analysis

The surface topography of the membranes was investigated using atomic force mi-
croscopy (AFM, XE-100, Park system, Gwangju, Korea) operated in tapping mode. For
AFM images, the SEBS-based anion exchange membrane films were prepared on the Si
wafer at 2000 rpm for 30 s and dried overnight in ambient conditions.

2.3.4. Ionic Conductivity

The ionic conductivity of the membrane was obtained by impedance spectroscopy
measurement using a conductivity analyzer (Ivuimstat, HS Technologies, Gwangju, Korea)
with the frequency range of 1 Hz to 1 MHz at room temperature. Before measurements, the
prepared membrane was immersed in deionized water for over 24 h. During measurements,
the contact area of the membrane between electrodes was maximized to reduce errors in
ionic conductivity measurements. The experimental arrangement for ionic conductivity
is shown in Figure 2. For impedance reproducibility and cross-check verification, we
successively repeated samples from each set at least five times. The ionic conductivity of
the membrane was calculated by using the following equation.

σ(S/cm) =
L

RA
(1)

where R is the real impedance taken at zero imaginary impedance in the impedance
spectroscopy, and L and A are the thickness and area of the membrane, respectively.
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2.3.5. Ion Exchange Capacity (IEC)

For the ion exchange capacity (IEC) measurement, the dried sample with a certain
weight was immersed into 1 M HCl solution overnight and stirred. The ion exchange
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capacity was determined by titrating the solution with 1 M NaOH solution. The IEC of
each sample was measured at least 5 times. The IEC of the membranes was calculated by
the following equation.

IEC(meq/g) =
MO(HCl) −Me (HCl)

Wdry
(2)

where Mo(HCl) and Me(HCl) are the milliequivalent (meq) of HCl acquired before and after
the equilibrium, respectively, and Wdry is the mass (g) of the dried membrane.

2.3.6. Sulfonation Degree (SD)

The sulfonation degree (SD) is related to the actual content of sulfonated poly-styrene
group of S-SEBS. The SD was calculated using the following equation.

SD =
MP × IEC

{1000− (Mf × IEC)} (3)

where Mp is the molecular weight of the non-functional polymer repeat unit (SEBS) and
Mf is the molecular weight of the functional group (SO3H). The values for Mp and Mf are
18,000 and 81, respectively.

2.3.7. Water Uptake

To evaluate the water uptake of the membrane, the sample with a certain weight was
immersed in deionized water for 24 h at room temperature. After 24 h, the membrane
was taken out and the water on the surface was quickly wiped using filter paper, and
then the membrane was weighed again. The water uptake was calculated according to the
following equation. The water uptake of each sample was measured at least 5 times and
we used the average value.

Water uptake(%) =
Wwet −Wdry

Wdry
× 100 (4)

where Wwet and Wdry are the weight of the membrane in the wet and dry state, respectively.

2.3.8. Mechanical Properties

Dynamic mechanical properties of the membranes were measured using dynamic
mechanical analysis (DMA, universal V3.5B, TA instruments, Seoul, Korea) in tension
mode. Samples were heated to 200 ◦C at frequency of 1 Hz, with a programmed heating
rate of 5 ◦C/min.

3. Results and Discussion
3.1. Vibrational and GPC Analysis

Figure 3, containing the FT-IR spectra, shows SEBS peaks at 2916 and 2850 cm−1,
which represents the CH3 and CH2 stretching. There is another peak at 1454 cm−1 that
correspond to –CH2, and C=C. S-SEBS has two characteristic peaks at 1226 and 1041 cm−1

because of the S=O symmetric stretching vibration and the S=O asymmetric stretching
vibration of the SO3H groups, respectively.
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Figure 3. The FT-IR spectra of the SBES, S-SEBS, and S-SEBS-g-MA membranes.

However, after grafting by MA, S-SEBS-g-MA has a new peak a at 3306 cm−1 because
of the hydroxyl group together with some unassociated hydroxyl species in the region 3500–
3200 cm−1. There are also several other new peaks at 1942 and 1751 cm−1 (asymmetric
and symmetric carbonyl vibration of MA), 1600 cm−1 (C=O stretching of carboxyl group
from anhydride), 1379 cm−1 (aldehyde), 1028 cm−1 (the deformation vibration of the C-H
bond) [23,24]. The FT-IR results suggest that the functional groups are responsible for ionic
transfer channel of hydroxide ions are successfully grafted on SEBS.

Changes average molecular weight (Mw) distribution for SEBS, S-SEBS, SEBS-g-MA,
S-SEBS-g-MA, and cross-linked S-SEBS-g-MA (CS-SEBS-g-MA) are presented in Table 1.
The Mw of SEBS-g-MA, where MA is grafted onto SEBS, is slightly increased compared
to SEBS. However, after sulfonization (S-SEBS, S-SEBS-g-MA), Mw decreased despite the
addition of sulfonization compared to the pre-sulfonizaiton samples (SEBS, SEBS-g-MA).
From this result, decomposition occurred in the polymer chain during the sulfonization.
CS-SEBS-g-MA has the highest molecular weight because the higher molecular weight
content of the test specimen increases, which is attributable to the crosslinking of the
polymer chain.

Table 1. Average of Mw S-SEBS, SEBS-g-MA, S-SEBS-g-MA, and CS-SEBS-g-MA membranes.

Samples SEBS S-SEBS SEBS-g-MA S-SEEB-g-MA CS-SEBS-g-MA

Mw (g/mol) 108,589 108,493 110,179 109,986 114,241

3.2. Topographical Analysis

The triblock copolymer SEBS, consisting of hard and soft blocks that usually exhibit a
phase-separated morphology, which has been widely studied by AFM techniques [25–29].
It is well known that, for high ionic conductivity of the membrane, a continuous network
of a proton conducting phase within the material is essential. To check the surface mor-
phology of membranes, the AFM images of the bare SEBS and modified SEBS membranes
were recorded (Figure 4). In Figure 4a, SEBS membrane has a well-defined micro-phase
separated morphology, where the dark regions represent the soft polyethylene (PE) block
phase. On the other hand, the bright regions represent the stiff polystyrene (PS) phase.
Ion exchange membranes of block copolymers consisting of hydrophilic and hydrophobic
blocks associate uniformly on microscopic scales and their morphologies are aspherical,
cylindrical, or lamellar in shape depending on the relative volume fractions of the con-
stituent components [27,29]. Partially sulfonated SEBS block copolymers are known to
demonstrate self-assembling phenomena, which lead to the separation of microphase
domains [17,29].
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Such microphase separation can result in the formation of continuous ionic chan-
nels that enable proton ions transportation through ionic channels. Flexible side chains
were also considered to form microphase separation morphology [26]. As a result, we
observed well-ordered and more continuously connected nano-channels. Proton transports
through these nano-channels with hydrophilic domains lead to good water uptake and
ion conductivity. The formation of continuous ionic channels led to proton ion transports
through ionic channels. Formation of the continuous ionic channel is dependent on the
hydrophilic functional groups such as SO3H and –COOH. By comparing the SEBS-g-MA
membrane with –COOH in Figure 4b and S-SEBS membrane with SO3H in Figure 4c,
different morphologies are observed in the AFM images. These results show that different
surface chemical composition characteristics occur depending on the functional groups.
Due to this different morphological behavior, ion clusters have different ion transportation
speed. As a result, the ionic conductivity of membranes with a –COOH functional group
is shown to be different from membranes with a SO3H functional group. A membrane
with two kinds of hydrophobic functional group (SO3H, –COOH) has well-ordered and
more continuously connected nano-channels than S-SEBS and SEBS-g-MA, which have
single hydrophobic functional groups of SO3H or COOH, respectively (Figure 4d). These
results show that S-SEBS-g-MA is superior to S-SEBS and SEBS-g-MA as an ionic exchange
membrane.

3.3. Ionic Conductivity and Ion Exchange Capacity (IEC)

The ion exchange membranes contain a high concentration of the fixed ionic groups.
On the other hand, the backbone of the membrane is extremely hydrophobic, whereas
the charged acid groups are strongly hydrophilic and polar. The hydrophilic domains
absorb water and form small clusters distributed throughout the backbone. Proton ions
easily permeate the cationic membranes containing fixed negative groups [11]. The ion
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cluster forms with negative functional groups and the membrane with well-formed ion
clusters have high ionic conductivity. Ideal membranes for an RFB should possess good
chemical stability and high ionic conductivity. From the impedance results, we observed
more hydrophilic functional groups increased, which generates continuous ionic channels
responsible for increased ionic conductivity, and decreased resistance, Figure 5.
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The resulting values of ionic conductivity and impedance are given in Table 2. As
expected, the ionic conductivity is enhanced by increasing the concentration of hydrophilic
functional groups. The S-SEBS and S-SEBS-g-MA exhibit improvement in ionic conductivity.
The ionic conductivity of the S-SEBS-g-MA increases with sulfonated time and reaches a
maximum value 0.18 S/cm at room temperature. As sulfonated time increases, the ionic
channels also increase, resulting in an increase in the ionic conductivity. Compared with
the ionic conductivity of the S-SEBS membrane (0.1 S/cm), S-SEBS-g-MA shows much
higher ionic conductivity.

Table 2. Degree of sulfonation, ionic conductivity and IEC values obtained for the bare and modified
membranes at room temperature.

Samples Name Resistance
(Ω/cm2)

Sulfonation
Degree

(%)

Ionic
Conductivity

(S/cm)

IEC
(meq)

Nafion 117 0.145 ± 0.002 38.8 ± 0.4 0.06 ± 0.001 0.9 ± 0.002
S-SEBS 0.085 ± 0.0001 45.6 ± 0.1 0.1 ± 0.004 2.1 ± 0.004

SEBS-g-MA 0.06 ± 0.008 65.2 ± 0.1 0.12 ± 0.004 2.8 ± 0.004
S-SEBS-g-MA 0.047 ± 0.003 83.1 ± 0.2 0.18 ± 0.004 3.36 ± 0.06

CS-SEBS-g-MA 0.037 ± 0.002 102.6 ± 0.2 0.25 ± 0.004 3.9 ± 0.06

This is because S-SEBS has only SO3H, but S-SEBS-g-MA has both SO3H and COOH,
so S-SEBS-g-MA has many more hydrophilic functional groups than S-SEBS. We also used a
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crosslinking agent containing hydrophilic group to improve both mechanical properties and
ion conductivity. As a result, the CS-SEBS-g-MA, which contains more hydrophilic ionic
channels than the S-SEBS-g-MA, has an ionic conductivity of 0.25 S/cm. This also indicates
that the hydrophilic groups increased the ionic conductivity. Similar to ionic conductivity
IEC, the membranes are strongly dependent on the amount of the hydrophilic functional
groups. The presence of water plays a vital role in ionic conductivity characteristics; its
presence inside the ion exchange membranes offers transport channels for ions. Hence,
higher water content will shorten the ion movement pathway and result in higher ionic
conductivity. In Table 2 and Figure 6, the IEC value of the S-SEBS membrane is 2.1 meq/g
which is much higher than the commercial Nafion 117 membrane, whose IEC is only 0.9
meq/g (Table 2). This means that the IEC also increases as the hydrophilic functional
groups increases.
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this work.

3.4. Water Uptake

Next, we investigated the water uptake behavior of all of the above membranes.
Figure 7 shows the water uptake of the Nafion 117, S-SEBS, SEBS-g-MA, S-SEBS-g-MA and
CS-SEBS-g-MA membrane. Water uptake by the membrane depicts the hydrophobicity of
the membrane. The COOH activity in the membrane increases affinity for water more than
SO3H, which affected the SEBS-g-MA membrane, causing it to swell more than S-SEBS
membrane. The water uptake value for the S-SEBS membrane containing SO3H functional
group is 33% and of the SEBS-g-MA membrane containing COOH functional group is 42%
(Figure 7). Thus, S-SEBS exhibits higher ionic conductivity than the SEBS-g-MA membrane,
because of ionic conductivity depending on the hydrophilic functional group and the
main structure material. Although membranes have identical functional groups, they have
differential water uptake values. This is because the water uptake of the membrane is
related to the number of hydrophilic groups in the membrane. In other words, the water
uptake increases with the increase in the hydrophilic portion of the functional groups in
the membrane.
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Figure 7. Water uptake of the Nafion 117, S-SEBS, SEBS-g-MA, S-SEBS-g-MA, and the CS-SEBS-g-MA
membranes as a function of time. Water uptake data were recorded for at least five sample from each
sample set.

In comparison with SEBS-g-MA and S-SEBS-g-MA, the S-SEBS-g-MA shows a much
higher water uptake than the SEBS-g-MA. The SEBS-g-MA contains only a hydrophilic
COOH functional group, while S-SEBS-g-MA comprises two hydrophilic functional groups
of SO3H and COOH. Thus, the higher water uptake of the S-SEBS-g-MA is due to it having
more hydrophilic groups. To increase the ionic conductivity of membrane, we used the
SSA as a crosslinking agent. SSA has sulfonic acid and carboxylic groups, so SSA play dual
roles in the membranes; ion clustering of the hydrophilic group and crosslinking agent. By
using the SSA, we increased the level of hydrophilic functionality and the water uptake
of CS-SEBS-g-MA to higher than that of S-SEBS-g-MA. Following the results between
ionic conductivity and water uptake, we can expect that investigating the functional
groups such as sulfonyl and carboxylic acid of the membrane leads to increased ion
conductivity. The modified membrane CS-SEBS-g-MA with sulfonyl and carboxylic acid
functional groups leads to improved charge density of the modified membrane. From
conductivity analysis, we observed significant improvement in the ionic conductivity
from 0.1 to 0.18 S/cm, respectively, for the bare S-SEBS to S-SEBS-g-MA membrane with
increasing functional groups. Interestingly, this conductivity reached up to 0.25 S/cm for
CS-SEBS-g-MA membrane. This clearly indicates that water uptake and ionic conductivity
are completely dependent upon the functional groups and cross-linking. This gives rise to
the question of how ion conductivity affects the water uptake behavior of the membrane.
Increasing the number of functional groups is directly proportional to increasing the
ability of H+ transport in the membrane, which leads to improved ionic conductivity and
water uptake.

3.5. Dynamic Mechanical Analysis (DMA)

A general problem of homogeneous sulfonated styrene main-chain polymers is that
these ionomers begin to swell to strong and thus lose their mechanical stability when
reaching a certain sulfonated degree. Therefore, reducing the swelling degree of the
membranes without lowering their proton conductivity too much is required. These
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requirements are achieved by cross-linking of the ionomer membrane [30]. Flexible ionomer
networks can be built up via ionic crosslinking which contain ionic crosslinks formed by
proton transfer. By adding elements with relatively strong electrical voice such as SOH3
and -COOH, it is possible to synthesize colorless and transparent polymer materials by
forming an undetermined curved chain structure.

The hydroperoxide sites at the macromolecules can cause radical chain scission [31].
C–H bond of polystyrene is easily attacked by oxygen, forming hydroperoxide radicals [30].
The hydroperoxide sites at the macromolecules can cause radical chain scission. Ionomer
crosslinked membranes show reduced brittleness when dried out, compared to uncross-
linked or covalently cross-linked ionomer membranes, which is possibly caused by the
flexibleness of ionic cross-links [31]. We used the SSA which contains two types of hy-
drophilic groups, i.e., SO3H and COOH as the crosslink agent. The use of the SSA results
in a higher ionic conductivity and improved physical properties of the ion exchange mem-
brane. We compared the storage modulus before and after crosslinking of the ion exchange
membrane. We observed that the storage modulus of the S-SEBS and S-SEBS-g-MA showed
similar behavior, but the storage modulus of the CS-SEBS-g-MA increased by crosslinking
between the molecular chains of S-SEBS-g-MA and SSA (Figure 8). The CS-SEBS-g-MA
membrane exhibited 50% higher storage modulus than the SEBS-g-MA membrane. These
results show that SSA is a good crosslinking agent for the SEBS-g-MA to enhance the
mechanical properties and ion conductivity.
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4. Conclusions

In conclusion, we successfully prepared the ionic exchange membrane from SEBS via
sulfonation, grafting MA and crosslinking. This study showed that the ionic conductivity
properties of the SEBS membrane is improved by chemical modification and cross-linked S-
SEBS-g-MA and may be suitable for applying RFB as a membrane in strong acid electrolyte.
Sulfonated SEBS block copolymers have continuous ionic channels, while the AFM show
direct evidence of well-ordered, nano-sized, and continuous ionic channels. The FT-IR
result shows the sulfonic acid groups, carboxylic groups, and grafted MA being successfully
introduced into SEBS. Our ion conductivity analysis revealed a significant improvement in
the ionic conductivity from 0.1 to 0.25 S/cm, respectively for bare S-SEBS to CS-SEBS-g-MA
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membrane with increasing functional groups. Additionally, the ionic conductivity, water
uptake and IEC of the S-SEBS, SEBS-g-MA, S-SEBS-g-MA and CS-SEBS-g-MA membrane
are higher than those of the commercial Nafion 117 membrane. Ionic conductivity of
the ionic exchange membrane increases with increasing functional group concentration.
These results indicate the modified membrane is a promising candidate for large-scale
energy storage systems that can further explored in the future. By manufacturing anion
exchange membrane based on non-fluoro polymers such as SEBS, it will be possible to
get price competitiveness compared to Nafion 117. Moreover, SEBS-based copolymers
can be synthesized by different functional groups, which facilitates the improved ionic
conductivity. The lower mechanical properties than conventional Nafion 117 can be
improved by blending with alternative polymers or adding crosslink agents. We believe
that this method could open up alternative strategy and promising approaches for its
further development.
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Abstract: Using a simple esterification reaction of a hydroxyl group with an anhydride group,
pristine lignin was successfully converted to a new lignin (COOH-lignin) modified with a terminal
carboxyl group. This chemical modification of pristine lignin was confirmed by the appearance
of new absorption bands in the FT-IR spectrum. Then, the pristine lignin and COOH-lignin were
successfully incorporated into a poly(lactic acid) (PLA) matrix by a typical melt-mixing process.
When applied to the COOH-lignin, interfacial adhesion performance between the lignin filler and
PLA matrix was better and stronger than pristine lignin. Based on these results for the COOH-
lignin/PLA biocomposites, the cost of printing PLA 3D filaments can be reduced without changing
their thermal and mechanical properties. Furthermore, the potential of lignin as a component in PLA
biocomposites adequate for 3D printing was demonstrated.

Keywords: poly(lactic acid); lignin; maleic anhydride; chemical modification; 3D printing filament

1. Introduction

Additive manufacturing is redefining manufacturing paradigms and has evolved
rapidly in recent years. This technology allows for the production of customized parts,
prototyping, and material design [1,2]. Although there are several technologies, fused
deposition modeling (FDM), one of the most used 3D printing technologies, has attracted
significant interest because of its low cost, ease of use, and large availability [3]. The most
frequently used commercial materials for 3D printing by FDM are acrylonitrile-butadiene-
styrene terpolymer (ABS) and poly(lactic acid) (PLA). Nevertheless, PLA is more widely
used, due to issues concerning environmental pollution [4].

PLA is a versatile biopolymer polymerized from a renewable agricultural-based
monomer, 2-hydroxy propionic acid (lactic acid), which is synthesized by fermentation of
starch-rich materials like sugar beets, sugarcanes, and corn [5,6]. Therefore, this material is
a promising and sustainable alternative to petroleum-based synthetic polymers used for
a wide range of commodity applications since it can be processed in a similar manner to
polyolefins, using the same processing machinery. Nonetheless, the inherent drawbacks
of PLA, such brittleness, low heat resistance, high-cost, and slow crystallization, have
impeded its widespread use in commercial applications.

To provide a solution to the aforementioned drawbacks, many interesting strategies,
such as plasticization [7], block copolymerization [8,9], and compounding with other
tougher polymers or elastomers have been utilized [10–18]. Another cost-effective approach
to improve the mechanical resistance of PLA at high temperatures is the addition of filler
materials to form biocomposites or nanocomposites. Recently, several types of lignin have
been incorporated into PLA matrixes by melt-mixing techniques for the development
of sustainable biocomposites [19–22]. Evenly applied in the chemically modified lignin,
PLA-based biocomposites often show lower mechanical properties, like tensile strength
and elongation at break, compared to neat PLA, due to their poor dispersion and adhesion.
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Several studies were carried out regarding incorporating lignin in the PLA matrix to form
composite filaments for 3D printing, making it evident that lignin’s addition often leads to
a decrease in tensile strength and elongation [23–30]. Filaments with poor properties will
be the death of successful commercialization efforts. Therefore, the development of new
lignin-based biocomposite materials for the production of polymeric filaments for FDM is
still a challenge.

In this study, we focus on lignin introduced into FDM printing filaments as filler to
reduce PLA filament cost. Since, to the best of our knowledge, pristine lignin without
any chemical modification cannot aid in improving the physical properties, we selected a
simple esterification reaction with maleic anhydride to prepare chemically modified lignin
and improve its surface polarity. The carboxy group on the lignin surface is expected
to exhibit better adhesion to the PLA matrix, due to its strong hydrogen bonding ability
and PLA chain grafting covalently on the lignin surface during processing under high
temperatures. Melt blending of PLA with a chemically modified lignin should enable
3D printed filament production. Therefore, the objective of this study is to characterize
the thermal, mechanical, and morphological properties of the resulting lignin-based PLA
biocomposites, demonstrating their suitability as filament materials for FDM 3D printing.

2. Materials and Methods
2.1. Materials

PLA pellets (trade name: Ingeo 2003D; Mw (g/mol) = 181,744 [31]; melt flow index
(MFI): 6.0 g/10 min; specific gravity: 1.24) was obtained commercially from NatureWorks
LLC (Minnetonka, NM, USA). Organosolv lignin (pH = 6.9–7.1; ash <16%) was obtained
from BOC Sciences (Shirley, NY, USA). Maleic anhydride and other solvents used in this
work were purchased from SAMCHUN Chemicals (Seoul, Korea).

2.2. Preparation of Carboxylated Lignin (COOH-Lignin)

First, lignin (10 g) was dispersed in dimethylforamide (DMF, 150 mL) using a ho-
mogenizer (T10 basic ULTRA-TURRAX; IKA-Werke GmbH &Co. KG, Staufen, Germany)
at 25 ◦C. Then, maleic anhydride (70 g, 0.71 mol) was added to the solution and stirred
vigorously for 6 h at 120 ◦C. After the crude mixture was cooled to 25 ◦C, the modified
lignin was obtained by centrifugation and washed thoroughly with ethanol and deionized
in water several times. Then, the sample was kept in vacuo at 50 ◦C for a day to dry
completely.

2.3. 3D Printing

The monofilaments with diameters of about 1.75 mm were extruded using the Well-
zoom 3D desktop filament extruder (Shenzhen Mistar Technology Co., Ltd., Shenzhen,
China) at 210 ◦C. A FDM-type 3D printer (model: Ender 3, Shenzhen Creality 3D Technol-
ogy Co., Ltd., Shenzhen, China) was used to print the prepared filaments into the sample
at a printing temperature of 220 ◦C.

2.4. Equipment and Experiments

FT-IR spectra were recorded on a Nicolet iS10 spectrophotometer (Thermo Scientific
Co., Ltd., Waltham, MA, USA) over a range of 4000 to 600 cm−1. To measure the thermal
behavior of samples, differential scanning calorimetry (DSC) analysis was carried out
using the DSC Q2000 apparatus (TA Instruments, New Castle, DE, USA). The scan was
performed at the heating rate of 20 ◦C/min under N2 gas atmosphere. Tensile properties
were measured according to ASTM D638-10 at 25 ◦C using an Instron universal testing
machine (LSK 100K; Lloyd Instruments Ltd., West Sussex, UK), equipped with a 10 kN load
cell at a constant crosshead speed of 5 mm/min. The tensile properties were evaluated from
averages of at least five parallel tests. After preparing the specimen sheet by the typical
compression molding process, the tensile test specimen was cut by specimen cutting die
into a dumbbell shape (ASTM D638, Type V). The fractured surface and profile morphology
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of the composites were imaged and analyzed using an EM-30 scanning electron microscope
(SEM; Coxem, Deajeon, Korea) at 10 kV.

3. Results and Discussion

The compatibility of lignin with commercial polymers is generally limited because
it has a complicated steric hinderance induced from the crosslinking and disorder of the
molecular structure. Thus, chemical modification of lignin can provide an important key
strategy to further expand lignin applications [32]. Among the many important functional
groups (phenolic hydroxyl, aliphatic hydroxyl, carbonyl, alkyl aryl ether, biphenyl, diaryl
ether, phenylpropane, guaiacyl, syringyl, etc.) [33–36] in lignin, the hydroxy group can
react with the anhydride group through a well-known esterification reaction (Scheme 1)
because the carbon in the anhydride moiety is a strong electrophile, largely due to the fact
that the substantial ring strain is relieved when the ring opens upon nucleophilic attack.
Under this organic chemistry, maleic anhydride was chosen as the lignin modifier, and we
assumed that the carboxy group covalently linked to the lignin can serve as a hydrogen
bonding donor and acceptor, as well as a reaction site capable of transesterification with
PLA.
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Scheme 1. Schematic diagram of the preparation methodology for carboxylated (COOH)-lignin-reinforced poly(lactic acid)
(PLA) biocomposites.

To obtain information on chemical changes resulting from the chemical modification
of lignin, we used FT-IR spectroscopy. Figure 1 shows the FT-IR absorption spectra based
on the molecular vibrations for COOH-lignin and pristine lignin. In the case of pristine
lignin, a broad band attributed to aromatic and aliphatic hydroxyl groups in the lignin
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molecules was detected around 3400–3500 cm−1. In addition, the appearance of two bands
centered around 2929 and 2848 cm−1 was clearly seen, arising from CH2 stretching modes
in aromatic methoxy groups and in methyl and methylene groups of side chains. We also
found three distinct absorption bands originating from the aromatic skeleton vibration in
the lignin molecules around 1586, 1496, and 1451 cm−1 [37]. After chemical modification
of pristine lignin, the appearance of two new bands around 1722 and 1127 cm−1 in the
spectrum evidences the formation of ester groups containing one C=O bond and two C–O
bonds on the lignin surface. Finally, the vinyl group-related absorption band-like shoulder
around 1617 cm−1 indicated that maleic anhydride successfully reacted on the surface of
the pristine lignin. The FT-IR results indicated that the simple esterification reaction of
maleic anhydride on the surface of the lignin particles was successful.
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Figure 1. FT-IR spectra of pristine lignin (A) and COOH-lignin (B).

The effect of the presence of pristine lignin and COOH-lignin on the thermal behavior
of the PLA matrix was studied using DSC. Table 1 presents thermal characteristics of the
melting temperature (Tm) observed from the second heating cycle and glass transition tem-
perature (Tg) for pristine lignin- or COOH-lignin-reinforced PLA biocomposites. On the
basis of Table 1, compatibility between the PLA matrix and lignin domain in the biocompos-
ites should be inferred. The presence of lignin in the PLA matrix did not significantly affect
the melting-point depression phenomenon, which decreased from 152.2 to 149.2 ◦C with
increasing content of pristine lignin, consistent with the behavior of lignin as a filler and not
a nucleating agent for all the studied PLA-based biocomposites. On the DSC thermograms,
the glass transition temperatures of COOH-lignin-reinforced PLA biocomposites showed
similar trends to that of pristine lignin-reinforced PLA biocomposites, ranging from 60.3 to
63.4 ◦C. Further, the sharp Tg transition occurred in all biocomposites. Sometimes, a broad
Tg transition in a polymer composite system is caused by the complex molecular structure
that leads to multiple relaxation phases within the same transition temperature range [38].
Therefore, even the lignin was chemically modified by maleic anhydride on its surface,
though it did not significantly affect the thermal characteristics of the PLA matrix in the
biocomposite.
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Table 1. The melting temperatures (Tm) and glass transition temperatures (Tg) of poly(lactic acid)
(PLA)-based biocomposites with pristine lignin and COOH-lignin content.

Lignin Content
(wt.%)

Pristine Lignin COOH-Lignin

Tm (◦C) Tg (◦C) Tm (◦C) Tg (◦C)

5 152.2 63.4 152.1 64.4
10 150.1 60.6 152.5 63.9
15 151.7 62.5 151.5 63.4
20 149.2 60.3 152.2 65.0

Std. Dev. 1.4 1.5 0.4 0.7
Tm and Tg of pure PLA measured by DSC in this study are 150.7 and 64.7 ◦C, respectively.

Dispersibility and interfacial adhesion of filler to the polymer matrix are key factors in
determining the final physical properties of a filler-reinforced composite. To evaluate the
dispersibility of lignin in the PLA matrix and interfacial adhesion, the morphological char-
acteristics of cryo-fractured pristine lignin- or COOH-lignin-reinforced PLA biocomposites
were analyzed using the SEM technique. Figures 2 and 3 show typical SEM micrographs at
the fracture surface of the pristine lignin- and COOH-lignin-reinforced PLA biocomposites
containing 5, 10, 15, and 20 wt.% of each lignin, respectively. As shown in Figure 2, the
fracture surfaces of the pristine lignin/PLA biocomposites were rougher than the COOH-
lignin/PLA biocomposites in all ranges of lignin content. In addition, many voids and a
wide gap morphology between the lignin domain and the PLA matrix can be easily seen,
as evidenced by the observation of debonded areas at the fracture surface, revealing that
interfacial adhesion at the interphase does not appear very intense. Somewhat different from
the pristine lignin/PLA biocomposites, the COOH-lignin-reinforced PLA biocomposites were
smooth and featureless and seemed to show stronger interfacial adhesion with the matrix
through the presence of tight adhesive areas in the intermaterial without any room (Figure 3).
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lignin (A) 5 wt.%, (B) 10 wt.%, (C) 15 wt.%, and (D) 20 wt.%, respectively.

To obtain the maximum effect in the filler reinforced composite, the filler should
have good dispersibility and interfacial adhesion with the polymer matrix. Here, we
investigated the mechanical properties of lignin-reinforced PLA biocomposites following a
chemical surface modification of the lignin. Figure 4 presents the dependence of tensile
strength and modulus with lignin content for the PLA biocomposites with pristine lignin
and COOH-lignin. As shown in Figure 4A, the tensile strength of the pristine lignin/PLA
biocomposites decreased linearly with increasing pristine lignin content up to 20 wt.%.
This declining trend in tensile strength of the PLA-based biocomposites likely results
from poor dispersibility and interfacial adhesion between the pristine lignin domains and
PLA matrix [30]. Meanwhile, with COOH-lignin in the PLA matrix, the tensile strength
dropped slightly to 50 MPa up to 5 wt.% lignin and then stagnated with further addition of
COOH-lignin, manifesting a better COOH-lignin wetting effect with PLA resin. The tensile
modulus of the pristine lignin- or COOH-lignin-reinforced PLA biocomposites exhibited
similar decreases until 15 wt.% lignin content [Figure 4B]. However, with a 20 wt.% applied
to lignin content in the PLA matrix, the tensile modulus showed better values (about 5.0
GPa) compared to both the pristine lignin/PLA biocomposite and pure PLA resin. The
above results indicate that COOH-lignin exhibits better dispersibility in the PLA matrix
than pristine lignin.

3D printed objects fabricated using COOH-lignin-reinforced PLA biocompoite fila-
ments through a single-screw filament extruder were used to demonstrate the 3D printing
behavior and print quality. It was difficult to make the pristine lignin-reinforced PLA
biocomposite filaments having a uniform diameter but, all COOH-lignin-reinforced PLA
biocompoite filaments exhibited acceptable diameter tolerances (1.41 ± 0.072 mm) for the
3D printer used in this study (Figure 5). The filaments containing COOH-lignin were
successfully used to prepare the objects, as illustrated in Figure 6A–E. A closer examination
of the surface roughness at smaller scales were obtained from SEM images of the object
surfaces [Figure 6a–e]. The surface of the filaments on the 3D printed objects became
discernibly rougher and darker in color with increasing COOH-lignin content. This is due
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to the relatively lower melt strength of COOH-lignin-reinforced PLA biocomposites and
the dark brown color of the lignin. However, the surface roughness of each line on the
side of the 3D printed object fabricated from PLA biocomposite filament containing more
than 15 wt.% COOH-lignin was too rough to bind layer-by-layer, showing a wide gap.
This behavior is due to the decreasing melt flow from the nozzle and resultant inadequate
adhesion between layers.

Polymers 2021, 13, x FOR PEER REVIEW 7 of 10 
 

 

 
 

 
 

Figure 4. Effect of pristine lignin and COOH-lignin content on the tensile strength (A) and tensile 
modulus (B) of the PLA-based biocomposites. 

3D printed objects fabricated using COOH-lignin-reinforced PLA biocompoite fila-
ments through a single-screw filament extruder were used to demonstrate the 3D printing 
behavior and print quality. It was difficult to make the pristine lignin-reinforced PLA bi-
ocomposite filaments having a uniform diameter but, all COOH-lignin-reinforced PLA 
biocompoite filaments exhibited acceptable diameter tolerances (1.41 ± 0.072 mm) for the 
3D printer used in this study (Figure 5). The filaments containing COOH-lignin were suc-
cessfully used to prepare the objects, as illustrated in Figure 6A–E. A closer examination 
of the surface roughness at smaller scales were obtained from SEM images of the object 
surfaces [Figure 6a–e]. The surface of the filaments on the 3D printed objects became dis-
cernibly rougher and darker in color with increasing COOH-lignin content. This is due to 
the relatively lower melt strength of COOH-lignin-reinforced PLA biocomposites and the 
dark brown color of the lignin. However, the surface roughness of each line on the side of 

Figure 4. Effect of pristine lignin and COOH-lignin content on the tensile strength (A) and tensile
modulus (B) of the PLA-based biocomposites.

117



Polymers 2021, 13, 667

Polymers 2021, 13, x FOR PEER REVIEW 8 of 10 
 

 

the 3D printed object fabricated from PLA biocomposite filament containing more than 15 
wt.% COOH-lignin was too rough to bind layer-by-layer, showing a wide gap. This be-
havior is due to the decreasing melt flow from the nozzle and resultant inadequate adhe-
sion between layers. 

 
Figure 5. Photographs of PLA and COOH-lignin-reinforced PLA biocomposite filaments.  

 
Figure 6. Optical image and side-view SEM micrographs of 3D printed objects fabricated by pure 
PLA (A, a) and PLA-based biocomposites with COOH-lignin contents of 5 wt.% (B, b), 10 wt.% (C, 
c), 15 wt.% (D, d), and 20 wt.% (E, e), respectively. 

4. Conclusions 
By utilizing the reaction of the free hydroxyl group in lignin with the anhydride 

group, we demonstrated the possibility of realizing surface-modified lignin decorated by 
carboxyl functional groups. Two different PLA-based biocomposite series with pristine 
lignin and COOH-lignin were prepared under melt-mixing conditions. The tensile 
strength of the PLA-based biocomposites indicated better performance of the COOH-lig-
nin/PLA biocomposites than of the pristine lignin/PLA biocomposites, due to improved 
interfacial adhesion between the COOH-lignin surface and PLA matrix through hydrogen 

Figure 5. Photographs of PLA and COOH-lignin-reinforced PLA biocomposite filaments.

Polymers 2021, 13, x FOR PEER REVIEW 8 of 10 
 

 

the 3D printed object fabricated from PLA biocomposite filament containing more than 15 
wt.% COOH-lignin was too rough to bind layer-by-layer, showing a wide gap. This be-
havior is due to the decreasing melt flow from the nozzle and resultant inadequate adhe-
sion between layers. 

 
Figure 5. Photographs of PLA and COOH-lignin-reinforced PLA biocomposite filaments.  

 
Figure 6. Optical image and side-view SEM micrographs of 3D printed objects fabricated by pure 
PLA (A, a) and PLA-based biocomposites with COOH-lignin contents of 5 wt.% (B, b), 10 wt.% (C, 
c), 15 wt.% (D, d), and 20 wt.% (E, e), respectively. 

4. Conclusions 
By utilizing the reaction of the free hydroxyl group in lignin with the anhydride 

group, we demonstrated the possibility of realizing surface-modified lignin decorated by 
carboxyl functional groups. Two different PLA-based biocomposite series with pristine 
lignin and COOH-lignin were prepared under melt-mixing conditions. The tensile 
strength of the PLA-based biocomposites indicated better performance of the COOH-lig-
nin/PLA biocomposites than of the pristine lignin/PLA biocomposites, due to improved 
interfacial adhesion between the COOH-lignin surface and PLA matrix through hydrogen 

Figure 6. Optical image and side-view SEM micrographs of 3D printed objects fabricated by pure PLA (A, a) and PLA-based
biocomposites with COOH-lignin contents of 5 wt.% (B, b), 10 wt.% (C, c), 15 wt.% (D, d), and 20 wt.% (E, e), respectively.

4. Conclusions

By utilizing the reaction of the free hydroxyl group in lignin with the anhydride
group, we demonstrated the possibility of realizing surface-modified lignin decorated by
carboxyl functional groups. Two different PLA-based biocomposite series with pristine
lignin and COOH-lignin were prepared under melt-mixing conditions. The tensile strength
of the PLA-based biocomposites indicated better performance of the COOH-lignin/PLA
biocomposites than of the pristine lignin/PLA biocomposites, due to improved interfacial
adhesion between the COOH-lignin surface and PLA matrix through hydrogen bonding.
However, there were no significant differences in the tensile moduli for both PLA-based
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biocomposites. Interestingly, the tensile modulus of the PLA-based biocomposite con-
taining 20 wt.% COOH-lignin increased suddenly. We also conclude that a COOH-lignin
content of 10 wt.% is the most cost effective for 3D FDM filaments. Therefore, PLA-based
biocomposites with COOH-lignin can be developed as a new category of polymer materials
specially used for the FDM 3D printing method in industrial applications.
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Abstract: Expanded thermoplastic polyurethane (ETPU) beads were prepared by a supercritical
CO2 foaming process and compression molded to manufacture foam sheets. The effect of the cell
structure of the foamed beads on the properties of the foam sheets was studied. Higher foaming
pressure resulted in a greater number of cells and thus, smaller cell size, while increasing the foaming
temperature at a fixed pressure lowered the viscosity to result in fewer cells and a larger cell size,
increasing the expansion ratio of the ETPU. Although the processing window in which the cell
structure of the ETPU beads can be maintained was very limited compared to that of steam chest
molding, compression molding of ETPU beads to produce foam sheets was possible by controlling
the compression pressure and temperature to obtain sintering of the bead surfaces. Properties of the
foam sheets are influenced by the expansion ratio of the beads and the increase in the expansion
ratio increased the foam resilience, decreased the hardness, and increased the tensile strength and
elongation at break.

Keywords: thermoplastic polyurethane; expanded bead; supercritical CO2 foaming; expansion ratio;
resilience; hardness

1. Introduction

Polymer foams [1,2] are widely used for light weight polymer molded products. Typi-
cal processes for making light weight polymer molded products are the Mucell process [3,4]
and the bead foam process [5,6]. In the Mucell process, chemical foaming agents [7,8] or
physical foaming agents [9–11] are added to the polymer melt and the melt is transferred
through the die or into the mold under pressure and cooled in the extrusion or injection
molding process. In the bead foam process, expanded beads [12,13] which have already
been foamed or expandable beads [14] containing foaming agents which can be foamed
are used to prepare foamed products. Incorporation of the foaming agent into the polymer
pellet can be carried out by addition in the polymerization process [15,16], by using a high
temperature and pressure autoclave to introduce the foaming agent in the supercritical
fluid state to polymer pellets [17,18], or by adding the foaming agent to the polymer melt
in the extruder and preparing expandable or expanded beads by controlling the cooling
condition [19].

Expandable beads are used most widely in the case of polystyrene [20], and ex-
panded beads are used in the case of polypropylene (expanded polypropylene, EPP) [21],
polystyrene (expanded polystyrene, EPS) [22], and polyethylene (expanded polyethylene,
EPE) [23]. Expanded bead foams are manufactured through a sintering process using
foamed polymer beads, which have excellent insulation, heat resistance, impact resistance,
and energy absorption. In particular, EPP is widely used for light weight automobile
parts due to its mechanical properties, low thermal conduction, and shock absorption
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properties [24,25]. Recently, interest in expanded thermoplastic polyurethanes (ETPU),
which can be used to prepare soft and flexible material and whose properties can easily
be controlled in the polymerization process, is increasing [26,27]. These thermoplastic
polyurethane foams are excellent flexible materials with high hardness, rebound resilience,
excellent mechanical properties, and dynamic shock absorption. In manufacturing polymer
foam molded products from expanded beads, especially in the case of EPP, steam chest
molding is used [28,29], where high temperature steam is fed into the injection mold to
physically sinter and bond the bead surfaces. The critical factor in this process is maintain-
ing the cell structure of EPP while bonding the bead surfaces, thus the temperature of the
steam, pressure, and residence time are important variables. Along with the research and
development of expanded beads, research on steam chest molding of expanded beads has
been reported [30]; the incorporation of hot air along with steam for uniform penetration of
the steam to reduce the molding defects from steam variation has also been reported [31].
Steam chest molding is indisputably the best process for molding of expanded beads, but
due to high equipment costs, its general applicability is limited and thus, research on
diverse methods to fabricate molded foam products appears to be required.

Compression molding was utilized in this study to diversify the methods for fabricat-
ing foam products, as it is the most typical and inexpensive fabrication method in polymer
processing. Foam sheets were prepared from expanded thermoplastic polyurethane (ETPU)
foamed under diverse supercritical CO2 foaming conditions, and the effect of bead foam
structure on the characteristics of the foam sheets was studied.

2. Materials and Methods

The thermoplastic polyurethane used in this study was Dongsung Corp. (Busan,
Korea) aromatic polyether thermoplastic polyurethane (TPU: 6175AP), having a melting
point of 150 ◦C, specific gravity of 1.055 g/cm3, and Shore A hardness of 78. A lab-designed
autoclave (CRS, Anyang, Korea) was used for the foaming of TPU to prepare the ETPU
beads. The autoclave was charged with 250 g distilled water, 100 g TPU, 6.70 g trical-
cium phosphate (TCP, Sigma-Aldrich, Merck KGaA, Darmstadt, Germany) stabilizer, and
0.13 g sodium dodecylbenzenesulfonate (SDBS, Sigma-Aldrich, Merck KGaA, Darmstadt,
Germany) dispersing agent, then CO2 was pumped in with a high-pressure pump (CRS,
Anyang, Korea). In order to obtain supercritical CO2, the temperature was set at 90, 100,
105, or 110 ◦C and the pressure was set at 75, 80, or 90 bar; the TPU was kept in the
autoclave for 30 min, then the pressure was quickly released to atmospheric pressure by
opening a ball valve to prepare expanded TPU (ETPU) beads. To prepare TPU foam sheets,
a mold cavity measuring 10 cm × 10 cm × 2.0 mm with a temperature control system was
mounted on a compression molding machine (QMESYS, QM900A, Uiwang, Korea). Foam
sheets were prepared by keeping 15 g ETPU charged mold at 140–150 ◦C and 3.5–10.5 MPa
for 2–15 min to sinter the bead surfaces then quenching in water at 4 ◦C. A schematic of
the foaming process to prepare the ETPU beads and the foam sheet compression molding
process is shown in Figure 1.

The water displacement method used to measure the density of all samples was
according to ASTM-D792. The foam structure of the ETPU beads prepared under different
temperature and pressure conditions was characterized by measuring the cell diameter (D)
and the cell density (N) using micrographs obtained with a scanning electron microscope
(Coxem EM-30, Daejeon, Korea). The expansion ratio was determined by measuring the
density of the pellet before and after foaming (ρTPU, ρETPU) using an electronic densitome-
ter (SD-200L, Vaughan, ON, Canada) then calculating the expansion ratio (Φ) using the
following equation.

Φ = ρTPU/ρETPU (1)

Five ETPU foam sheet samples with sizes of 20 mm × 90 mm × 3 mm were prepared
for tensile testing at the speed of 10 mm/min. The mechanical properties of the prepared
ETPU foam sheets were evaluated by measuring the tensile strength, modulus, and elonga-
tion at break as a function of extension ratio using a tensile tester (Lloyd LR30K, Cleveland,
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OH, USA) and measuring the Shore A hardness using a Shore hardness tester (BS-392-A,
Guangzhou Amittari Instruments Co., Ltd., Guangzhou, China). The rebound properties
of the foam sheets were evaluated by dropping a 5 mm ball weighing 0.486 g from 41 cm
height (Ho) and measuring the height it rebounded (H) with a lab-made rebound tester;
the ball rebound ratio was calculated according to the following equation.

R = H/Ho × 100(%) (2)
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Figure 1. Schematic of the CO2 assisted foaming process for preparing expanded thermoplastic polyurethane (ETPU) beads
and the compression molding process.

3. Results and Discussion

The SEM micrographs of ETPU prepared under different foaming temperatures and
pressures are shown in Figure 2. The cell diameter and density measured from Figure 2,
and the expansion ratio determined from the density measurements of the pellet before
and after foaming shown in Figure 3, reflect the effect of the foaming temperature and
pressure on these values. It can be seen in Figure 2 that under the temperature and pressure
conditions used in this study, the ETPU foam has a closed cell structure. As can be seen in
Figure 2, when the pressure is low (75 bar), the cell is not fully developed and the walls
between cells are thick, suggesting that the condition is not adequate for preparing ETPU.
The cell size decreases with the rise in pressure and at 90 bar, the cell diameter is 20–60 µm
and the cell density is 108 cells/cm3, allowing it to be classified as a fine cell foam [32],
regardless of the temperature. In contrast, below 90 bar, the cell diameter is greater than
100 µm and the cell density is 106 cells/cm3, representative of conventional cell foam. This
is a result of more nuclei being formed in the TPU at higher pressures, where the same
total amount of CO2 is subsequently diffused and the expansion occurring therefrom forms
relatively smaller cells. At a fixed pressure, a temperature increase decreases the viscosity
of TPU and results in larger cells and lower cell density. The expansion ratio increases with
the increase in the pressure and temperature of the foaming process, suggesting that it is
more dependent on the cell size compared with cell density. As can be seen in Figure 3c,
the expansion ratio of most ETPU obtained in this study is generally below 4, characteristic
of high-density foams. However, when the foaming is carried out at 80–90 bar and 110 ◦C,
medium-density foams characterized by expansion ratios of 4–10 are obtained, and when
the foaming is carried out at 90 bar and 110 ◦C, the highest expansion ratio of 7 is obtained.
The foam structure, which is dependent on the foaming conditions, will no doubt affect the
properties of the foam sheets made from ETPU beads.
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Figure 2. SEM micrographs of ETPU prepared at different foaming temperatures and pressures in the supercritical CO2

foaming process.

The effect of the molding temperature on the structure of foam sheets prepared by a
15 min compression molding of ETPU beads at 105 ◦C and 90 bar can be seen in Figure 4.
As can be seen, when compression molded at 140 ◦C, the fabrication of foam sheets is not
possible as sintering does not occur sufficiently, while at 150 ◦C, melting of the surface
of the beads occurs, suggesting that preparation of foam sheets by compression molding
should be carried out in a narrow range of temperature slightly below 150 ◦C, which
is the melting point of TPU. The effect of molding time on the formation of the foam
sheets at 145 and 150 ◦C is shown in Figure 5. At 145 ◦C, sintering of the beads does not
occur in 5 min as in the case of molding at 140 ◦C, but occurs sufficiently in 8–15 min
without deformation of the cells. At 150 ◦C, foam sheets maintaining the bead structure are
formed when the molding time is relatively short at 2–3 min; however, at longer molding
times, deformation of the sheet surface can be seen contrary to those molded at 145 ◦C.
Surface and cross section SEM micrographs of the samples, prepared under the same
conditions as in Figure 5, are shown in Figure 6. The surface of the foam sheet molded
at 145 ◦C in Figure 6a is smooth and does not show irregular surface melting of the TPU,
but that molded at 150 ◦C in Figure 6b shows irregular surface melting and consequently,
destructive deformation of the surface. It seems that similar cell morphology was obtained
between the core and the close-to-skin layer. Under both conditions, the interface between
the beads becomes thicker with molding time, suggesting effective sintering of the bead
surfaces. Although there is no deformation of the cell structure when molded at 145 ◦C,
cell deformation from the original ETPU occurs at 150 ◦C with an increase in molding time
due to melting, especially at the interface between beads where interfacial sintering occurs.
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The effect of compression molding pressure on the sintering of beads is shown in
Figure 7. The interface between beads becomes thicker with the increase in pressure which
may increase the physical properties of the foam sheets; however, destructive deformation
of the foam surface and cell deformation near the interface can be seen as in the case of
increasing molding times (Figure 6). Thus, compression molding at 3.5 MPa appears to
result in the best foam sheets. Based on these results, compression molding of ETPU foam
sheets is possible, but when compared with steam chest injection molding, the temperature
and pressure range at which cell deformation can be minimized is very limited and thus,
precise control of the molding temperature and pressure is required.
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The effect of cell structure on the properties of the foam sheets is studied by compres-
sion molding ETPU beads, prepared under different conditions and thus, having different
cell structure, at 3.5 MPa and 145 ◦C for 15 min, which is the molding condition where
sintering of the beads occurs and deformation of the cell can be minimized. The SEM
micrographs of foam sheets compression molded at 145 ◦C for 15 min with ETPU having
different cell diameter and cell density are shown in Figure 8. In all ETPU, sintering through
surface fusion was sufficient; when the ETPU foamed at low pressure and temperature is
used, the interface formed by fusion of the beads is thicker and the cell structure is not
deformed in the compression molding process.

The effect of the cell diameter, cell density, and expansion ratio on the rebound
properties of the compression molded foam sheets is shown in Figure 9. The ball rebound
property is generally used to evaluate the resilience of foams. Unlike hardness, the ball
rebound property reflects the instantaneous feel of the foam and when the foam has poor
resilience or low energy absorption, it exhibits lower rebound. The rebound property
is generally controlled by appropriate selection of the isocyanate and polyol used in the
polymerization of the polyurethane. However, as can be seen in Figure 9, even with a single
polyurethane different ball, rebound properties can be obtained by compression molding
ETPU of different cell structure, obtained by foaming TPU under different conditions. The
ball rebound property is dependent on the expansion ratio and is higher in the case of
foams having higher expansion ratios (Figure 9), suggesting that medium-density foams
have higher foam resilience and energy absorption compared with high-density foams.
The foam sheet prepared with ETPU that foamed at 75 bar exhibits a relatively low ball
rebound (Figure 9), which appears to be due to the insufficient cell expansion in TPU at
the low foaming pressure (Figure 2). The theoretical expansion ratio that can be calculated
from the cell volume (Vg), which, in turn, can be calculated from the number of cells (N)
and the cell diameter (D) in Figure 3 and the theoretical expansion ratio (ΦTheoretical value)
from the pellet volume (Vp = 1), is shown in Figure 9, along with the measured data. It
shows a similar correlation with the experimental expansion ratio (Φ) calculated using the
measured densities before and after foaming, suggesting the theoretical expansion ratio
calculated considering the two mutually complementary factors—cell diameter and cell
density—correlates with the properties of the foam sheet.
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Figure 9. Effect of foam structure on the ball rebound of ETPU foam sheets.

Figure 10 shows the Shore A hardness of the prepared foam sheets. Contrary to the
ball rebound property, foams with a low expansion ratio due to small cell diameter and a
small number of cells were relatively hard; on the other hand, foams with higher expansion
ratios exhibited low hardness and thus, were soft. The foam sheet prepared with ETPU
foamed at low pressure and temperature of 75 bar and 90 ◦C, where cell expansion was not
complete, shows a hardness value similar to the TPU sheet which had not been foamed.
This appears to be due to the inadequate foaming condition resulting in a greater portion
of the ETPU not being foamed. The hardness showed negligible change with the increase
in the expansion ratio above 4, showing that in the case of the medium-density foam sheets
(expansion ratio ≥ 4), the expansion ratio determined by the number and size of cells does
not affect the hardness of the foam sheets, while it does in the case of high-density foams
(expansion ratio < 4).
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The tensile properties of the foam sheets are shown in Figure 11. The tensile strength
and elongation at break increase with the increase in the expansion ratio but the modulus
decreases. Foam sheets made from ETPU beads foamed at a relatively low pressure and
temperature with thick intercell walls and thus, low expansion ratios are ruptured easily
at the sintered interface between the beads by the applied tensile force, as the modulus
of the parts that have not been foamed is higher. The tensile strength of the foam sheets
made from expanded beads is dependent on the failure of the sintered interface between
the beads and the failure of the cells inside the beads. When the compression molding
conditions are not adequate and sintering is insufficient, failure at the bead interface is
expected to result in very poor tensile strengths, but the mechanical properties of the foam
sheets processed under appropriate conditions are expected to depend on the failure at the
interface or cell depending on the cell structure. In Figure 12, showing the cross-section
SEM micrographs of fracture surfaces resulting from tensile testing of the foam sheets
processed under optimum compression molding conditions in this study, it can be observed
that failure at both the interface and cells occurs with the relative degree depending on
the ETPU used. Foam sheets made from low expansion ratio beads fail at the bead–bead
interface, while those having higher expansion ratios from higher foaming pressures and
temperatures fail at the cell, resulting in higher tensile strengths and elongation at break.
That is, the closed cell structure in the beads with high expansion ratios absorbs the energy
in tensile testing without failure at the interface until the cell finally fails instead of the
interface. Based on these results, it appears that using medium-density foam beads rather
than high-density foam beads is advantageous for adequate mechanical strengths of foam
sheets made by compression molding.
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Figure 11. Mechanical properties of ETPU foam sheets: (a) tensile strength; (b) elongation at break; (c) Young’s modulus. Figure 11. Mechanical properties of ETPU foam sheets: (a) tensile strength; (b) elongation at break; (c) Young’s modulus.
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4. Conclusions

The effect of the foaming pressure and temperature on cell formation in expanded
TPU and the possibilities of preparing foam sheets by compression molding the prepared
EPTU were studied. The effect of the structure of the foamed beads on the properties of the
compression molded foam sheet was studied to obtain the following conclusion.

The TPU used in this study exhibits closed cell structures when foamed at 75–90 bar
and 90–110 ◦C and ETPU beads having diverse foam structure with fine and/or conven-
tional cells can be made. At higher foaming pressures, more nuclei are formed and the
cell size decreases, resulting in higher expansion ratios, and the increase in the foaming
temperature at a fixed pressure affects the viscoelastic property to increase the cell size and
decrease the number of cells, resulting in lower expansion ratios. The possibilities of com-
pression molding ETPU to prepare foam sheets have been confirmed, but the processing
window to obtain foam sheets where the cell structure in the EPTU is not deformed during
sintering of ETPU beads is very narrow. The expansion ratio of the ETPU affects the foam
sheet properties with higher expansion ratios, resulting in lower hardness and thus, higher
resilience. The developed cell structure also contributes to higher mechanical properties
such as tensile strength and elongation at break.
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