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Preface to ”Mechanical Properties and Microstructure

of Forged Steel”

Forged steels represent an interesting material family, both from a scientific and commercial

point of view, due to their many applications. Based on this, it is essential to deeply understand

the relationships between properties and microstructure and how to drive them through processing.

Despite their diffusion as a consolidated material, many research fields are actively employing new

applications. At the same time, new innovations are arising from the manufacturing processing of

such materials, including the possibility to manufacture them from metal powders suitable for 3D

printing. This Special Issue embraces the interdisciplinary work covering physical metallurgy and

processing, reporting the experimental and theoretical progress concerning microstructural evolution

during processing, and microstructure–properties relations.

Andrea Di Schino and Koh-ichi Sugimoto

Editors
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Forged steels represent a quite interesting material family, both from a scientific and
commercial point of view, following many applications they can be devoted to [1]. Fol-
lowing from that, it is, therefore, essential to deeply understand the relations between
properties and the microstructure, and how to drive them by process. Despite their diffu-
sion as a consolidated material, many research fields are active regarding new applications.
At the same time, innovations are coming from the manufacturing process of such a family
of materials. In this framework in particular, the role of heat treatments in obtaining even
complex microstructures is still quite an open matter, also thanks to the design of innovative
heat treatments [2,3] devoted to forged components [4–7]. The Special Issue scope embraces
interdisciplinary work covering physical metallurgy and processes, reporting about the
experimental and theoretical progress concerning microstructural evolution during the
processing and microstructure-properties relations.

The book collects manuscripts from academic and industrial researchers with stimu-
lating new ideas and original results. The present book consists of three research papers.

M. Algarni in his research analyzes the mechanical properties and fracture behavior of
two cold-work tool steels: AISI “D2” and “O1”. Tool steels are an economical and efficient
solution for manufacturers due to their superior mechanical properties. The demand
for tool steels is increasing yearly due to the growth in the transportation production
around the world. Nevertheless, AISI “D2” and “O1” (locally made) tool steels behave
differently due to the varying content of their alloying elements. There is also a lack of
information regarding their mechanical properties and behavior. Therefore, this study aims
to investigate the plasticity and ductile fracture behavior of “D2” and “O1” via several
experimental tests. The tool steels’ behavior under monotonic quasi-static tensile and
compression tests was analyzed. The results of the experimental work showed different
plasticity behavior and ductile fracture among the two tool steels. Before fracture, clear
necking appeared on the “O1” tool steel, whereas no signs of necking occurred on the
“D2” tool steel. In addition, the fracture surface of the “O1” tool steel showed a cup–cone
fracture mode, and the “D2” tool steel showed a flat-surface fracture mode. The dimple-like
structures in scanning electron microscope (SEM) images revealed that both tool steels had
a ductile fracture mode [8].

L. Pezzato et al. describe the effects of a second tempering treatment on the microstruc-
tural properties and impact toughness of a structural steel EN 10025-6 S690. The steel was
first forged and quenched in water after austenitization at 890 ◦C for 4 h. After quenching,
different tempering treatments were performed, at 590 ◦C in single or multiple steps. The
effect of these treatments was evaluated both in microstructural terms—by means of optical
microscopy scanning, transmission electron microscopy and X-ray diffraction—and in
terms of impact toughness. The mechanical behavior was correlated with the microstruc-
ture and a remarkable increase in impact toughness was found after the second tempering
treatment due to carbide shape change [9].

S. Mancini et al. propose a new approach in order to describe the plastic strain at the
core of the piece. FEM takes into account the plastic deformation at the core of the forged
pieces. At the first stage, a thermomechanical FEM model was implemented in the MSC
Marc commercial code in order to simulate the open die forging process. Starting from

Metals 2021, 11, 1177. https://doi.org/10.3390/met11081177 https://www.mdpi.com/journal/metals1
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the results obtained through FEM simulations, a set of equations describing the plastic
strain at the core of the piece were identified depending on forging parameters (such as
the length of the contact surface between the tools and ingot, tool’s connection radius, and
reduction in the piece height after the forging pass). An Artificial Neural Network (ANN)
was trained and tested in order to correlate the equation coefficients with the forging to
obtain the behavior of the plastic strain at the core of the piece [10].
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Abstract: This article introduces the microstructural and mechanical properties of low and medium-
carbon advanced martensitic steels (AMSs) subjected to heat-treatment, hot- and warm- working,
and/or case-hardening processes. The AMSs developed for sheet and wire rod products have a
tensile strength higher than 1.5 GPa, good cold-formability, superior toughness and fatigue strength,
and delayed fracture strength due to a mixture of martensite and retained austenite, compared with
the conventional martensitic steels. In addition, the hot- and warm-stamping and forging contribute
to enhance the mechanical properties of the AMSs due to grain refining and the improvement of
retained austenite characteristics. The case-hardening process (fine particle peening and vacuum
carburization) is effective to further increase the fatigue strength.

Keywords: advanced martensitic steel; retained austenite characteristics; microstructure; mechanical
properties; heat treatment; hot-stamping; hot-forging; case hardening

1. Introduction

The strain-induced transformation of austenite to martensite enhances the ductility of
austenitic steels such as Fe-Ni, Fe-Ni-C, and Fe-Cr-Ni steels. These high-alloy austenitic
steels are called TRansformation-Induced Plasticity (TRIP) steels [1,2]. In the 1980s, low and
medium carbon Si-Mn ferritic steels subjected to intercritical annealing and then isothermal
transformation (IT) or austempering process were developed by Sakuma et al. [3,4]. The
steel is named low alloy TRIP-aided steel or TRIP-assisted steel because it achieves high
ductility by the TRIP effect of metastable retained austenite of 5 to 30 vol %. The TRIP-aided
steel was mainly applied to the automotive body parts that need high cold press formability
and weldability [4–6]. Up to now, various kinds of low and medium carbon advanced
ultrahigh- and high-strength steels (AHSSs) with metastable retained austenite of different
volume fraction, stability, size, morphology, and chemical composition were developed for
the weight reduction and the improvement of crash safety of the automotive body [7–10].

In general, the AHSSs are categorized as the following: first-, second- and third-
generation AHSSs [7–9]. The second-generation AHSSs are high Mn austenitic steels with
an Mn content higher than 14 mass % and are named TWinning-Induced Plasticity (TWIP)
steels [11]. The first- and third-generation AHSSs except for medium Mn (MMn) steels
with 4 to 12% Mn are lean micro-alloyed Si/Al-Mn steels. The third-generation AHSSs are
classified into two types, Type A and Type B, by the kind of matrix structure.

(I). First-generation AHSS: ferrite–martensite dual-phase (DP) steel [7,9,12–16], TRIP-
aided polygonal ferrite (TPF) steel [3–7,9,17–19], TRIP-aided annealed martensite
(TAM) steel [20–22], and complex-phase (CP) steel [7,9,15,23],

(II). Second-generation AHSS: high Mn TWIP and TWIP/TRIP steels [7,9,11,24–28],
(III). Third-generation AHSS (Type A): TRIP-aided bainitic ferrite (TBF) steel [9,10,29–33],

one-step and two-step quenched and partitioned (Q&P) steels [7–9,25,34–41], carbide-
free bainitic (CFB) steel [42–49], and duplex type medium manganese (D-MMn)
steel [9,25,50–57].

Metals 2021, 11, 652. https://doi.org/10.3390/met11040652 https://www.mdpi.com/journal/metals3
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(IV). Third-generation AHSS (Type B): TRIP-aided martensitic (TM) steel [58–63] and
martensite-type medium manganese (M-MMn) steel [53,64–69], which are called
advanced martensitic steel (AMS).

The product of tensile strength and total elongation (TS×TEl) of various AHSSs
as a function of austenite or retained austenite fraction is shown in Figure 1. For the
third-generation AHSSs (Type A), a TS×TEl higher than 30 GPa% is required to apply to
the automotive body frame members, the seat frame members, the concrete mixer truck
cylinders, etc. In connection with this, the IT process at low temperatures during martensite-
start temperature (Ms) and martensite-finish temperature (Mf) is recently applied to TBF,
one-step Q&P, and CFB steels [30–32,34–41,43,47,48,58–61], which achieve high tensile
strength and mechanical properties due to bainitic ferrite/martensite (BF/M) structure
matrix. To obtain the tensile strength higher than 1.5 GPa, TM and M-MMn steels with
martensitic structure matrix are recently developed [58–69]. These steels are classified as
the third-generation AHSSs (Type B). Hereafter, these third-generation AHSSs (type B)
are also called low and medium-carbon “Advanced Martensitic Steel (AMS)”, because the
martensitic structure is the main matrix structure.

Figure 1. Relationship between the product of tensile strength and total elongation (TS×TEl) and ini-
tial volume fraction of austenite or retained austenite (fγ0) in the first-, second-, and third-generation
(Type A and Type B) advanced high-strength steels (AHSSs). Q&T: conventional quenched and
tempered martensitic steel, DP: ferrite–martensite dual-phase steel, CP: complex-phase steel, TPF,
TAM, TBF, and TM: transformation-induced plasticity (TRIP)-aided steels with polygonal ferrite,
annealed martensite, bainitic ferrite, and martensite matrix structure, respectively. Q&P: one-step
and two-step quenched and partitioned steel, CFB: carbide-free bainitic steel, D-MMn: duplex-type
medium Mn steel, M-MMn: martensite-type medium Mn steel, HMn TWIP: high manganese TWIP
steel, Aus: austenitic steel. This figure is reproduced based on Ref. [52]. Reprinted with permission
from Elsevier: Mater. Sci. Eng. A, Copyright 2021.

To produce the AMS, two kinds of heat-treatment process are proposed: (1) IT process
below Mf [59–63] and (2) direct quenching to room temperature (DQ) [58–63,70–73]. In the
case of Mf > room temperature, the partitioning process will be added after the DQ process.
The AMS exhibits higher TS×TEl [59–63] (Figure 1) and higher formability [60–63] than
the conventional quenched and tempered (Q&T) martensitic steel. In addition, the AMS
possesses excellent toughness [53,64,65,74], high fatigue strength (especially high notch-
fatigue strength) [75], and high delayed fracture strength [76]. So, the AMS is expected to
be applied to not only press forming sheet products but also bar-forging products such as
gear, screw, etc.

This paper introduces the microstructural and mechanical properties of various low
and medium-carbon AMSs. In addition, the improvement mechanisms of the mechanical
properties are detailed by relating to the matrix structure, the strain-induced transformation
behavior of metastable retained austenite, and/or the martensite/austenite constituent
(MA phase).
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2. Two Kinds of Heat-Treatment Process for AMSs

The heat-treatment process of AMS is as simple as the Q&T process of the conventional
martensitic steels. In addition, the process after austenitizing is conducted at relatively
low temperature, compared with those of TBF, Q&P, and CFB steels [58–63,66–73]. This
means that quenching in an oil bath can be used for the heat treatment, not a salt bath.
Regarding alloying elements of the AMS, Si, and/or Al higher than 0.5 mass% are added
to suppress the carbide precipitation and increase the volume fraction of carbon-enriched
retained austenite [59–63]. In some cases, micro-alloying elements of Mn, Cr, Ni, Mo, B,
etc. are added to increase the hardenability of the steels [62,65]. Furthermore, V, Ti, and/or
Nb are added to refine the prior austenitic grain and to increase the strength through their
carbide precipitates [27,59–63,67,68].

When the Mf of the AMS is higher than room temperature, the IT process below
Mf [59–63] or DQ process [53,58–63,70–73] immediately after austenitizing and hot-rolling
is conducted using an oil bath below 200 ◦C (Figure 2a). In the case of the DQ process,
partitioning is added after the DQ process (named DQ-P process) [59,60,70–72]. The
partitioning temperatures just below and above Mf are recommended to minimize the
increase in carbide precipitation and the decrease in retained austenite fraction [59,60].
Unlike this, Gao et al. propose the partitioning (tempering) temperature above Ms [70–72].
Such IT and DQ-P processes (Figure 2a) are applied to Si/Al-Mn steels with low and
medium carbon content [59–63] and with a medium manganese content of about 5% [65,66].
Regarding M-MMn steels, air cooling to room temperature is possible instead of quenching
in oil or water bath due to the high hardenability [64,77–80].

Figure 2. Heat treatment diagrams of (a) the isothermal transformation (IT) process below Mf and direct quenching to room
temperature (RT) followed by partitioning (DQ-P) process in a case of RT < Mf [58–63] and (b) the DQ and DQ-P process in
a case of RT > Mf [67–69]. RT: room temperature, TIT: isothermal transformation temperature, TQ: quenching temperature,
TP: partitioning temperature.

On the other hand, when the Mf of the AMS is lower than room temperature such as
for M-MMn steel with a relatively high Mn content of about 10 mass %, the DQ or DQ-P
process is carried out [67–69] (Figure 2b). For the DQ-P process, He et al. [67] adopt the
partitioning (tempering) at 300 to 400 ◦C for 10 min in 0.2%C–10%Mn–2%Al–0.1%V steel.

To optimize the microstructure and mechanical properties of the AMS, ausform-
ing at temperatures between Ac3 and Ms is carried out before the IT, DQ, or DQ-P
process [68,81–83], in the same way as TBF [84] and CFB steels [49,85].

3. Microstructure and Retained Austenite Characteristics of AMSs

3.1. IT and DQ-P Processes (RT < Mf)

When 0.21%C–1.49%Si–1.50%Mn–1.0%Cr–0.05%Mn TM steel is subjected to the IT
process at temperatures below Mf (261 ◦C) and the DQ process, most of the austenite
start to transform to soft coarse lath-martensite accompanied with auto-tempering [59–63]
(Figures 3 and 4a). The other austenites are retained as filmy and blocky morphology in
the lath-martensite structure matrix, and a part of retained austenite stays in the fine MA
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phase [35,59–63]. It is noteworthy that fine lath/twin-martensite in the MA phase is very
hard because of fine morphology, high dislocation density, and high carbon concentration.
As mentioned in the previous section, partitioning after the DQ process rises the mechanical
stability of the retained austenite due to carbon-enrichment. In addition, it plays an
important role in the softening of the coarse lath-martensite and fine lath/twin-martensite
and carbon enrichment of retained austenite, with a small increase in carbide fraction and a
small decrease in retained austenite fraction [60], as well as the relaxation of transformation
strain. Such the AMSs are corresponding to low and medium-carbon TM steels [32,59–63]
and M-MMn steels with relatively low Mn content [65,66]. Note that carbides precipitate
only in soft coarse lath-martensite (Figure 3c). De Cooman et al. show that the carbide is
transition carbide or cementite [17].

Figure 3. (a) Image quality distribution map and (b) inverse pole figure map of Fe-α (body centered cubic structure) phase
and (c) TEM image in 0.21%C–1.49%Si–1.50%Mn–1.0%Cr–0.05%Mn TM steel subjected to the IT process at Tp = 200 ◦C
(< Mf) for 1000 s [62]. αm: coarse lath-martensite, αm*: fine lath/twin-martensite, γR: retained austenite (black dots), MA:
martensite/austenite phase, θ: carbide in coarse lath-martensite. Reprinted with permission from ISIJ: ISIJ Int, Copyright 2021.

Figure 4. Illustration of typical microstructures of advanced martensitic steels (AMSs) subjected to (a) the IT and DQ processes
in the case of RT < Mf and (b) the DQ and DQ-P processes in the case of RT > Mf. RT: room temperature. αm, αm*, γR, θ and
MA represent coarse lath-martensite, fine lath/twin-martensite, retained austenite, carbide and MA phase, respectively.

According to Sugimoto et al. [60,61,63], the retained austenite fraction increases with
increasing IT temperature, with a constant carbon concentration, in an IT temperature range
of 25 to 250 ◦C in 0.21%C–1.49%Si–1.50%Mn–1.0%Cr–0.05%Nb TM steel (Figure 5a), where
the IT process at 25 ◦C is corresponding to the DQ process. It is noteworthy that the MA
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phase fraction increases and the carbide fraction decreases with increasing IT temperature
in the TM steel (Figure 5b). The carbide fraction is 1/4 to 1/2 times that of JIS-SCM420
Q&T steel. Additions of Cr and Mo hardly influence the retained austenite fraction (about
4 vol %) but increase the MA phase fraction and decrease the carbide fraction [59,62]. An
increase in Mn content significantly increases the volume fraction of retained austenite in
0.2%C–1.5%Si–1.5%Mn TM steel [65,66]. The mechanical stability of the retained austenite
defined by the following strain-induced transformation factor k [6] is nearly constant in an
IT temperature range below Mf in the same way as the carbon concentration of the retained
austenite (Figure 5b,c).

log fγ = log fγ0 − k ε (1)

where fγ is the volume fraction of retained austenite after being subjected to a plastic strain
ε and fγ0 is the initial volume fraction of retained austenite. The k-value is higher than
that of TBF steel [29,30] owing to the lower carbon concentration of the retained austenite
and higher flow stress. Mn addition in 0.2%C–1.5%Si–1.5%Mn steel increases the volume
fraction and mechanical stability of retained austenite because Mn is austenite former
element [65,66].

Figure 5. Variations in (a) initial volume fraction (fγ0) and initial carbon concentration (Cγ0) of retained austenite, (b)
volume fractions of MA phase (f MA) and carbide (fθ), and (c) strain-induced transformation factor (k) as a function of IT
temperature (TIT) in 0.21%C–1.49%Si–1.50%Mn–1.0%Cr–0.05%Nb TM steel [61]. The IT process at 25 ◦C is corresponding to
the DQ process. Reprinted with permission from AIST: AIST 2013, Copyright 2021.

3.2. DQ and DQ-P Processes (RT > Mf)

The DQ process at the temperatures above Mf produces a simple duplex structure
of soft coarse lath-martensite structure matrix and blocky and filmy retained austen-
ite in 0.2%C–10%Mn–2%Al–0.1%V [67,68] (Figure 4b). The soft lath-martensite fraction
(fαm) can be estimated by the following empirical equation proposed by Koistinen and
Marburger [8,86].

fαm = 1 − exp {−1.1 × 10−2 (Ms − TQ)} (2)

where TQ is the quenching temperature. It is noteworthy that the retained austenite
fraction is much higher than that of TM steel subjected to the IT process of Figure 2a [67,68].
Differing from the IT process (Figure 4a), the MA phase and carbide are hardly formed
because the process is not cooled to temperatures below Mf, similar to TBF, Q&P, and CFB
steels with a BF/M matrix structure [29–32,34,42–44,47]. In addition, such a microstructure
without carbide in the soft lath-martensite resembles that of 0.23%C–2.3%Mn–1.5%Si–
12.5%Cr–0.03%Ti–0.05%Nb martensitic stainless steel containing retained austenite [87].

According to Du et al. [69], in 0.24C–7.5Mn–1.1Si–0.1V M-MMn steel subjected to the
DQ-P process, partitioning above Ms softens the lath-martensite matrix structure due to
the decreased carbon concentration and dislocation density, in the same way as TM steel
subjected to the DQ-P process. On the contrary, the retained austenite is carbon-enriched.
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Sub-cooling in liquid nitrogen decreases the retained austenite fraction. It is very important
to know that the subsequent partitioning increases the volume fraction of retained austenite
through the migration of austenite/martensite interface, with an increase in the carbon
concentration. The AMS subjected to the DQ-P process is corresponding to M-MMn steels
with Mf lower than room temperature.

3.3. Ausforming

Ausforming at temperatures between Ac3 and Ms before the IT, DQ, and DQ-P process
can not only reduce the Ms due to the strengthening of austenite but also introduce
deformation defects and elongate the microstructure [81], in the same way as TBF [84] and
CFB [49] steels. If the ausforming is conducted under the conditions of relatively high
temperature and large plastic strain, prior austenitic grain is refined, although dislocation
density is decreased. According to He et al. [68], warm rolling at 600 ◦C before the DQ
process is expected to avoid dynamic recrystallization and minimize dislocation recovery
in 0.2%C–10%Mn–2%Al–0.1%V M-MMn steel. In this case, it is also essential to keep a
finishing rolling temperature higher than the Ms temperature (about 130 ◦C) to avoid
martensitic transformation during the warm rolling process [68]. Hojo et al. [82,83] show
that ausforming at 650 ◦C and subsequent IT process at 200 ◦C refines the microstructure
and increases the retained austenite fraction and its stability in 0.23%C–1.5%Si–1.5%Mn–
1.0%Cr–0.2%Mo–0.002%B TM steel.

4. Tensile Properties and Cold Formability of AMS Sheets

4.1. Tensile Properties

The IT process brings on the continuous yielding and low yield stress (or 0.2% offset
proof stress) at room temperature in 0.21%C–1.49%Si–1.50%Mn–1.0%Cr–0.05%Nb TM steel
(Figure 6). The main origin is due to a large amount of hard MA phase [61–63], which
creates a preferential yielding zone in a matrix as fresh martensite second phase in dual-
phase steel, as well as the strain-induced transformation of retained austenite [61–63,88].

Figure 6. Typical engineering stress−strain (σ−ε) curves at room temperature in 0.21%C–1.49%Si–1.50%Mn–1.0%Cr–
0.05%Nb TM steel subjected to the DQ process and the IT process at Tp = 200 ◦C and 300 ◦C [63]. (a): initial stage, (b) overall
stage [63]. Measured Ms and Mf of the steel are 406 ◦C and 261 ◦C, respectively.

When 0.21C–1.49Si–1.50Mn–1.0Cr–0.05Nb TM steel is subjected to the DQ process or
the IT process at temperatures below 200 ◦C (< Mf), the tensile strength exceeds 1.5 GPa,
although the tensile strength and yield stress slightly decrease with increasing IT temper-
ature [60,61,63] (Figure 6). The uniform and total elongations and reduction of the area
tend to slightly increase with increasing IT temperature. Partitioning after the DQ process
increases the yield stress due to the relaxation of the internal residual stress, despite the
softening of coarse and fine martensites and the coarsening of the carbides. In addition,
the partitioning slightly decreases the uniform and total elongations [60]. Resultantly, the
TM steel subjected to the DQ-P process exhibits a TS×TEl of about 11 GPa%. Torizuka and
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Hanamura [53] show that 0.1%C–2%Si–5%Mn M-MMn steel subjected to the DQ process
completes a TS×TEl of 30 GPa%, almost equal to those of D-MMn steel. He et al. [67]
report that 0.2%C–10%Mn–2%Al–0.1%V M-MMn steel subjected to the DQ-P process
(Tp = 300 ◦C) achieves higher TS×TEl than press hardening steel and DP steel. Gao et al.
find that slow cooling on the DQ process increases the total elongation with no change in
tensile strength, compared to rapid cooling such as quenching in water [70].

4.2. Formabilities

The best combination of tensile strength and formabilities such as stretch-formability,
stretch-flangeability, and bendability can be achieved by the IT process at TIT = 200 ◦C in
0.21%C–1.49%Si–1.50%Mn–1.0%Cr–0.05%Nb TM steel (Figure 7) [61]. This optimum IT
temperature (200 ◦C) is equivalent to Mf—60 ◦C in the TM steel. All formabilities of the TM
steel are superior to those of 22MnB5 Q&T steel and 0.082%C–0.88%Si–2.0%Mn DP steel.
The increased stretch-formability may be caused by the TRIP effect of metastable retained
austenite. Meanwhile, the high stretch-flangeability is brought from a small degree of
damage to the punched hole-surface with a long shear section and a small number of tiny
cracks or voids, resulting from the plastic relaxation by the strain-induced transformation
of retained austenite. Such small punching damage leads to difficult crack propagation
and void growth on hole-expanding [60,61]. Good bendability is considered to be caused
by a high localized ductility. Partitioning after the DQ process further increases these
formabilities, but the formabilities are lower than those of the IT process at 200 ◦C [60].

Figure 7. Relationships between (a) maximum stretch height (Hmax), (b) hole expansion ratio (HER) and (c) minimum
bending radius (Rmin), and tensile strength (TS) in 0.21%C–1.49%Si–1.50%Mn–1.0%Cr–0.05%Nb TM steel subjected to the
DQ process or the IT process at TIT = 100 to 250 ◦C for 1000 s (•). DP (�): 0.082%C–0.88%Si–2.0%Mn ferrite–martensite
dual-phase steel, DIN-22MnB5 (�): 0.23%C–0.19%Si–1.29%Mn–0.21%Cr–0.003%B Q&T steel [61], 3Mn (�): 0.2%C–1.5%Si–
3%Mn M-MMn steel subjected to the DQ process and the IT process at TIT = 200 ◦C, 5Mn (�): 0.2%C–1.5%Si–5%Mn M-MMn
steel subjected to the DQ process and the IT process at 100 ◦C [66]. This figure was reproduced from Refs. [61,66]. Ref. [61]
is reprinted with permission from AIST: AIST 2013, Copyright 2021.

Sugimoto and Tanino [66] show that 0.2%C-1.5%Si-5%Mn M-MMn steel subjected
to the IT process at 100 ◦C (<Mf) achieves a maximum stretch height (Hmax) of 6.3 mm
and a hole expanding ratio (HER) of 16.7% at maximum (Figure 7). However, 0.2%C-
1.5%Si-3%Mn M-MMn steel with low Mn content exhibits higher Hmax and HER, although
the HER is lower than that of 22MnB5 Q&T steel [89]. Sugimoto et al. propose that a
large amount of retained austenite transformed at an early stage in the M-MMn steels
contradicts the increase in the stretch-formability and stretch-flangeability through the
easy void initiation and growth [66]. Up to now, there is no data of bendability in the
M-MMn steel.
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5. Mechanical Properties of Heat-Treated AMS Plates and Bars

5.1. Impact Toughness and Fracture Toughness

According to Kobayashi et al. [74], 0.2%C-1.5%Si-1.5%Mn-(0–1.0)%Cr-(0–0.2)%Mo
TM steels subjected to the DQ-P process (Tp = 300 ◦C) possess as high Charpy V-notch
impact value (Ev) at room temperature as TBF steels with the same chemical composition
(Figure 8a). The Evs and the product of TS and Ev (TS×Ev) of 0.2%C-1.5%Si-(3, 5)%Mn
M-MMn steels subjected to the DQ or the IT process decrease compared with those of TM
steels, especially in 5%Mn steel [65]. Ductile-brittle transition temperatures (DBTTs) of the
TM steels are far lower than those of JIS-SCM420 Q&T and TBF steels [74,90] (Figure 8b).
The DBTTs of the M-MMn steels are almost the same as those of 0.2%C-1.5%Si-1.5%Mn-(0–
1.0)%Cr-(0–0.2)%Mn TBF steels but are far higher than the TM steels [65].

Figure 8. (a) Relationships between (a) Charpy V-notch impact value (Ev) at 25 ◦C and (b) ductile–brittle fracture transition
temperature (DBTT) and tensile strength (TS) in 0.2%C–1.5%Si–1.5%Mn–(0–1.0)%Cr–(0–0.2)%Mn TBF (TIT = 400 ◦C, �)
and TM (DQ-P, Tp = 300 ◦C, •) steels, JIS-SCM420 Q&T steel (TT = 200 ◦C to 600 ◦C, �) and 0.2%C–1.5%Si–3%Mn (�)
and 0.2%C–1.5%Si–5%Mn (�) M-MMn steels. This figure was reproduced from refs. [65,74]. Ref. [74] was reprinted with
permission from Springer Nature: Metall. Mater. Trans. A, Copyright 2021.

Figure 9 illustrates (a) the ductile fracture (void initiation, growth and void-coalescence)
and (b) brittle fracture (cleavage crack initiation and propagation) behavior of the TM steel
appeared on impact tests [74,90]. In the ductile fracture, most of the voids originate at the
interface of the large MA phase and the matrix structure. In this case, retained austenite
suppresses the void initiation through the plastic relaxation by the strain-induced marten-
site transformation. As the deformation progresses further, these voids grow and coalesce
(Figure 9a). Therefore, (i) a large amount of MA phase and (ii) the plastic relaxation mainly
contribute to the high Evs of the TM steels. Gao et al. show that 0.20%C–2.0%Mn–1.5%Si–
0.5%Cr–0.28%Mo and 0.4%C–2.0%Mn–1.7%Si–0.4%Cr TM steels subjected to the DQ-P
process (Tp = 280 ◦C > Ms) exhibit higher Evs than TBF and CFB steels, although the
Evs of these steels are lower than that of two-step Q&P steels with the same chemical
composition [71,72].

In the brittle fracture, the strain-induced transformation of retained austenite also
suppresses the cleavage crack initiation, and the MA phase retards the crack growth
(Figure 9b). Resultantly, the retained austenite and MA phase play a role in lowering the
DBTT of the TM steel [74]. On the other hand, high DBTTs of 0.2%C–1.5%Si–(3,5)%Mn
M-MMn steels are mainly associated with high solute Mn concentration in the matrix,
although high Mn addition increases the volume fraction and mechanical stability of
retained austenite and decreases the unit path of quasi-cleavage crack (Lc in Figure 9b) [65].
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Figure 9. Illustrations showing (a) ductile fracture and (b) brittle fracture of TM steel appeared on impact tests [74]. Lc:
Quasi-cleavage length affected by the MA phase located on prior austenitic, packet, and block boundaries. αm, αm*, γR, θ,
and MA represent coarse lath-martensite, fine lath/twin-martensite, retained austenite, carbide, and MA phase, respectively.
Reprinted with permission from Springer Nature: Metall. Mater. Trans. A, Copyright 2021.

Kobayashi et al. find that 0.2%C–1.5%Si–1.5%Mn–1.0%Cr–0.05%Nb TM steel sub-
jected to the DQ-P process (Tp = 200 to 450 ◦C) [91] and the IT process (TIT = 200 ◦C and
250 ◦C, <Mf) [92] shows extremely high fracture toughness (KIC = 132–163 MPa m1/2)
(Figure 10). The fracture toughness is two times that (KIC = 57–63 MPa m1/2) of JIS-SCM420
Q&T steel tempered at TT = 200 to 400 ◦C and is the same degree as that of 18Ni maraging
steel. It is considered that the superior fracture toughness is essentially due to (i) a large
amount of MA phase and (ii) plastic relaxation by the strain-induced transformation of
the retained austenite in the same way as the above impact toughness, which suppresses
crack formation, growth, and coalescence as well as cleavage fracture at the pre-crack tip.
Wu et al. [93] report that fracture toughness of 0.20%C–1.42%Si–1.87%Mn steel subjected
to the DQ-P process (Tp = 300 ◦C) is only KIC = 54.5 MPa m1/2. The low fracture tough-
ness significantly differs from the result of Figure 10. This result should be discussed in
the future.

Figure 10. Relationship between fracture toughness (KIC) and tensile strength (TS) [92] in 0.2%C–
1.5%Si–1.5%Mn–(0–1.0)%Cr–(0–0.2)%Mn TBF (�) and TM (DQ-P, Tp = 200 ◦C to 450 ◦C, •) steels and
JIS-SCM420 Q&T steel (TT = 200 ◦C to 400 ◦C, �), compared with low alloy Q&T, 18Ni maraging and
nanostructured bainitic steels [92,94]. This figure is reproduced based on Ref. [92]. Reprinted with
permission from ISIJ: ISIJ Int, Copyright 2021.
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5.2. Fatigue Property

0.2%C–1.5%Si–1.5%Mn–1.0%Cr–0.2%Mo TM steel subjected to the DQ-P (Tp = 200 ◦C)
process exhibits large fatigue hardening despite a tensile strength over 1.5 GPa [95]
(Figure 11a), in the same way as TBF [96], CFB [97], and high alloy TRIP (16%Cr–7%Mn–
8%Ni and 16%Cr–6%Mn–6%Ni) [98] steels. Conversely, conventional martensitic steel
such as JIS-SCM420 Q&T steel exhibits fatigue softening.

Figure 11. (a) Variations in stress amplitude (σA(Δε/2)) as a function of the number of cycles (N) under total strain amplitude
of Δε = 1.5% for 0.2%C–1.5%Si–1.5%Mn–1.0%Cr–0.2%Mo TM subjected to the IT process at TIT = 200 ◦C and TBF steel
(TIT = 350 ◦C), and JIS-SCM420 Q&T steel (TT = 200 ◦C). (b) Monotonic stress–strain (σ-ε: dotted lines) and maximum cyclic
stress amplitude–strain amplitude (σA,max-Δε/2: solid red lines) curves for TM steel, as well as the definition of Δσh(Δε/2),
Δσh,cyc(Δε/2), and ΔσA(Δε/2), in which σM-ε and σM

A,max-Δε/2 are the monotonic and cyclic curves of the assumed matrix
structure in the TM steel, respectively [95]. Reprinted with permission from Springer Nature: Metall. Mater. Trans. A,
Copyright 2021.

In general, true cyclic hardening increment Δσh,cyc(Δε/2) of the TM steel (see Figure 11b)
is obtained by [95]

Δσh,cyc(Δε/2) = σA,max(Δε/2) − σM
A,max(Δε/2) = Δσi,cyc(Δε/2) + Δσt,cyc(Δε/2)

+Δσf,cyc(Δε/2)
(3)

where σA,max(Δε/2) and σM
A,max(Δε/2) are the maximum cyclic stress amplitudes of TM

steel and its matrix, respectively. Δε is total strain amplitude. Additionally, Δσi,cyc(Δε/2),
Δσt,cyc(Δε/2), and Δσf,cyc(Δε/2) represent “the long-range internal stress hardening”, “the
strain-induced transformation hardening”, and “the forest dislocation hardening of the
matrix” upon cyclic deformation, respectively, which can be formulated by

Δσi,cyc(Δε/2) = {(7 − 5ν)μ/5(1 − ν)} f ·εp
μ (4)

Δσt,cyc(Δε/2) = g(Δfαm) (5)

Δσf,cyc(Δε/2) = ζμ(b·f ·ε/2r)1/2 (6)

where ν is the Poisson’s ratio, μ is the shear modulus, εp
μ is the eigenstrain, f is the

volume fraction of the second phase, g(Δfαm) is a function of the strain-induced martensite
fraction, ζ is a material constant, b is the Burgers vector, and r is the particle radius of
the second phase. From the estimation of each cyclic hardening of Equations (4)–(6),
Sugimoto et al. [95] propose that the fatigue hardening of TM steel is mainly associated
with the compressive internal stress resulting from a difference in the flow stress (or plastic
strain) between the matrix and the MA phase, with a small contribution from the strain-
induced transformation and forest dislocation hardenings. The above theory is also applied
to the fatigue hardening behavior of TPF [99] and TBF [95] steels.
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The IT process enhances the smooth- and notch-fatigue limits (σw and σwn) of (0.1–0.4)%
C–1.5%Si–1.5%Mn TM steels and resultantly reduces the notch-sensitivity factor in a Vick-
ers hardness range between HV350 and HV600, compared to the conventional JIS-SCM420,
SCM435, and SCM440 Q&T steels (Figure 12a) [75]. However, the notch-fatigue limits
are lower than those of TBF steels [100]. In addition, the notch-sensitivity factor is higher
than that of 0.2%C–1.5%Si–1.5%Mn–(0–1.0)%Cr–(0–0.2)%Mo–(0–1.5)%Ni TBF steels in a
hardness range below 400HV. The above-mentioned notch-sensitivity factor for fatigue
limit (q) is defined by the following equation [101].

q = (Kf − 1)/(Kt − 1) (7)

where Kf and Kt are the fatigue notch factor (=σw/σwn) and the elastic stress concentration
coefficient (Kt = 1.7 in Ref. [75]), respectively.

Figure 12. Variations in (a) fatigue limits (σw, σwn) of smooth and notched specimens and (b) notch-sensitivity (q) as a
function of Vickers hardness (HV) in (0.1–0.6)%C–1.5%Si–1.5%Mn TM steels subjected to DQ-P process (Tp = 250 ◦C, •�),
0.2%C–1.5%Si–1.5%Mn–(0–1.0)%Cr–(0–0.2)%Mo–(0–1.5)%Ni TBF steels (TIT = 400 ◦C, ��) and JIS-SCM420, 435 and 440 Q&T
steels (TT = 200–600 ◦C,��). This figure was reproduced from Refs. [75,100]. Refs. [75,100] are reprinted with permission from
ISIJ: ISIJ Int, Copyright 2021 and from Springer nature: Metall. Mater. Trans. A, Copyright 2021, respectively.

According to Knott [102], the plastic zone size (dY) at a small fatigue crack tip can be
estimated using the following equation,

dY = K2/(3πYS2) (8)

where K is the stress intensity factor defined by K = σ(πc)1/2 (σ is the applied stress and c is
the crack length) and YS is the yield stress of the material. The plastic zone size is estimated
to be about 4.0 μm in 0.4%C–1.5%Si–1.5%Mn TM steel if the fatigue crack length at the first
stage is 2c = 30 μm equivalent to the prior austenitic grain size and the applied stress is the
maximum stress corresponding to the fatigue limit [75].

As shown in Figure 13, the plastic zone always includes some retained austenite
particles in the MA phase because the inter-particle path of the MA phase is 0.5–2.0 μm,
as well as a matrix structure. Based on this result, Kobayashi et al. [75] propose that the
high fatigue limits and low notch-sensitivity of (0.1–0.4)%C–1.5%Si–1.5%Mn TM steels are
principally associated with (i) the plastic relaxation of localized stress concentration as a
result of the strain-induced transformation of 3–5 vol % metastable retained austenite and
(ii) a large amount of finely dispersed MA phase along prior austenitic, packet, and block
boundaries, as well as (iii) a small amount of carbide only in the coarse lath-martensite
structure, which contributes to difficult fatigue crack initiation and/or propagation.
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Figure 13. (a) SEM image of the initial crack formed on the notched surface of 0.4%C–1.5%Si–1.5%Mn TM steel (DQ-P,
Tp = 250 ◦C) failure at Nf = 5.0 × 104 cycles [75]. (b) Illustration of the plastic zone size (dY) at the crack tip and distribution
of MA phases in the TM steel [75]. αm, αm*, γR, and θ represent coarse lath-martensite and fine lath/twin-martensite in the
MA phase, retained austenite and carbide, respectively. Reprinted with permission from ISIJ: ISIJ Int, Copyright 2021.

A similar mechanism is also reported by Tomita et al. using 0.6%C–1.5%Si–0.8%Mn
Q&P steel with BF/M duplex phase [103] and Huo and Gao using 0.24%C–1.75%Si–
1.79%Mn–1.74%Ni–1.06%Cr–0.32%Mo–0.13%V steel subjected to the DQ-P process (Tp = 150
to 550 ◦C) [104]. Zao et al. report that Nb addition of 0.042% in 0.21%C–1.74%Si–2.20%Mn–
0.62%Cr TM steel subjected to the DQ-P process (Tp = 280 ◦C) increases a very high cycle
fatigue strength because of the cumulative effect of strengthening associated with grain
refinement and precipitation strengthening mechanisms [105].

5.3. Delayed Fracture Strength

It is well-known that metastable retained austenite can absorb a large amount of
solute hydrogen in TBF, Q&P, CFB, and D-MMn steels [57,106–110]. This results in a high
delayed fracture strength in these steels because hydrogen concentration on the prior
austenitic grain boundary is lowered. In 0.2%C–1.5%Si–1.5%Mn–(0–1.0)%Cr–(0–0.2)%Mo–
(0–1.5%%Ni–0.05%Nb TM steels, the DQ-P process (Tp = 250 and 350 ◦C) increases the
delayed fracture strength (maximum fracture strength enduring for 5 h measured by four-
point bending tests). In addition, the DQ-P process decreases hydrogen embrittlement
susceptibility (HES), which is defined by the following equation in the TM steels [76,108]
(Figure 14a).

HES = (ε0 − ε1)/ε0 × 100% (9)

where ε0 and ε1 represent the total elongation of steel before and after hydrogen charging,
respectively. The HES values are comparable with those of TBF steels with the same chemi-
cal composition and far lower than those of 0.40%C–0.16%Si–1.44%Mn Q&T steel [106–108].
The HES of the TM steels can be improved by the addition of micro-alloying elements,
especially 1.0%Cr addition (corresponding to steel D of TM steel in Figure 14) [63]. In
the 1.0%Cr TM steels, the metastable retained austenite plays a role in trapping the dif-
fusible hydrogen, similar to the third-generation AHSSs (Type A) [63,76] (Figure 14b).
Hojo et al. [76] propose that the high hydrogen embrittlement resistance is caused by that
(i) most of the solute hydrogen is trapped in the retained austenite with high mechanical
stability, and resultantly, (ii) the initiation and propagation of voids and cracks at prior
austenite grain, packet, block, and lath boundaries are suppressed.
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Figure 14. (a) Relationship between hydrogen embrittlement susceptibility (HES) and tensile strength (TS) [63] and (b) hy-
drogen evolution curves of 0.2%C–1.5%Si–1.5%Mn–(0–1.0)%Cr–(0–0.2)%Mo–0.05%Nb TM steels subjected to DQ-P process
(Tp = 250 ◦C, 300 ◦C, •) and TBF steels (TIT = 350 ◦C, �) and 0.40%C–0.16%Si–1.44%Mn Q&T steel (TT = 200 ◦C to 400 ◦C,
�) [63]. A: 0.20%C–1.50%Si–1.50%Mn, B: 0.20%C–1.52%Si–1.50%Mn–0.05%Nb, C: 0.21%C–1.49%Si–1.50%Mn–0.5%Cr–
0.05%Nb, D: 0.20%C–1.49%Si–1.50%Mn–1.0%Cr–0.05%Nb, E: 0.18%C–1.48%Si–1.49%Mn–1.0%Cr–0.2%Mo–0.05%Nb, F:
0.21%C–1.49%Si–1.49%Mn–1.52%Ni–1.0%Cr–0.2%Mo–0.05%Nb.

Many researchers are investigating the hydrogen embrittlement of D-MMn
steels [57,111,112]. Unfortunately, there is not any research on the delayed fracture strength
of M-MMn steel up to now.

5.4. Wear Property and Overall Performance of Mechanical Properties

There are many kinds of research on the wear properties of TBF, Q&P, and CFB steels
with BF/M matrix structure [97,113,114]. However, the research on the wear property of
TM and M-MMn steels is hardly presented. According to De Oliveira et al. [113], the two-
step Q&P process improves the wear performance compared to the one-step Q&P process
(TIT > Ms) in 0.29%C–1.35%Si–1.96%Mn–0.1%Cr–0.03%Mo–0.04%Nb steel. Feng et al. [97]
show using 0.24%C–1.44%Si–1.76%Mn–0.75%Ni–1.76&Cr–0.39%Mo–0.65%Al rail steel that
the DQ process (air cooling) after austenitizing enhances the wear resistance compared to
the IT process above Ms. They propose that the strain-induced martensite transformation
of retained austenite in the steel can be linked to the retardation of crack initiation and
propagation, as well as martensite formed on air cooling. Wang et al. [114] show that
partitioning and cryogenic treatment after the IT process (TIT = 360 ◦C and 400 ◦C > Ms)
followed by slow cooling is effective to increase the wear property in 0.22%C–2.0%Mn–
1.0%Si–0.8%Cr–0.8%(Mo+Ni) BF/M rail steel. This is mainly associated with a decrease in
the volume fraction of retained austenite or an increase in the hardness because surface
hardness is the main factor controlling the abrasive wear [115]. From the above results of
TBF, Q&P, and CFB rail steels, we can expect that TM and M-MMn steels possess good
wear resistance because the hardness is higher than the TBF, Q&P, and CFB steels, although
the retained austenite fraction is lower.

When various mechanical properties without wear property of 0.2%C–1.5%Si–1.5Mn
TM steel are compared to those of TBF steel with the same composition and DIN-22MnB5
Q&T steel, the TM steel is superior to that of Q&T steel (Figure 15) [116,117]. The mechanical
properties of M-MMn steel are not ready yet. Ausforming at temperatures between Ac3
and Ms is expected to enhance the whole mechanical properties. However, only the effects
of ausforming conditions on the tensile strength, total elongation, and impact toughness
are reported up to now [118,119].
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Figure 15. Comparison of various mechanical properties of 0.2%C–1.5%Si–1.5Mn TBF and TM steels
and DIN-22MnB5 Q&T steel. This figure was modified based on Ref. [117].

6. Hot- and Warm-Workings to Produce Automotive AMS Parts

Hot-workings such as hot-stamping and hot-forging refine the microstructure and in-
crease the retained austenite fraction in AMSs, in the same way as ausforming. Resultantly,
the hot-workings enhance strength and other mechanical properties. In the following, the
tensile and mechanical properties of hot-stamped and hot-forged AMSs are introduced.

6.1. Hot- and Warm-Stamping

In the conventional hot-stamping, the steel blank is completely austenitized at temper-
atures above Ac3 before stamping, followed by die-quenching to 150 to 250 ◦C [120,121].
The hot-stamping process considerably reduces the spring back of the products, differing
from the cold-stamping process [120]. As the process suppresses the hydrogen embrittle-
ment due to lowering the residual stress, hot-stamping steels such as DIN-22MnB5 and
30MnB5 steels are applied to automotive center pillars with the tensile strength of 1.5 to
1.8 GPa [120,122]. The matrix structure after die-quenching is almost martensite.

Recently, warm-stamping at temperatures above Ms are developed to improve pro-
ductivity and reduce manufacturing costs [122–125] (Figure 16). In the warm-stamping,
the blank is austenitized at temperatures above Ac3, in the same way as the conven-
tional hot-stamping process. After that, the austenitized blanks are pre-cooled to any
temperatures during Ac3 and Ms before stamping. By this warm-stamping, the blank
is strain-hardened along with the improvement of the drawability and formability. In
addition, productivity can also be increased by shortening the cooling cycle time and
decreasing the oxidation [122]. At present, the warm-stamping at 450 to 500 ◦C is applied
to the B-pillar of (0.08–0.2)%C–(4.0–7.0)%Mn D-MMn steels, not M-MMn steel [125]. After
the warm-stamping, the tensile strength is about 1.4 GPa with total elongation of 11.8%.

Figure 16. Schematic illustration of hot-stamping process at low-temperature and warm temperature [122].
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As another latest advance, the combined hot-stamping and two-step Q&P process is
proposed [57,126]. In 0.28%C–1.69%Si–1.10%Mn–0.99%Cr–0.029%Nb steel, in which the
two-step Q&P process brings on the matrix structure containing martensite. This combined
process is also applied to the TM steel subjected to the IT and DQ-P processes [127].

6.2. Hot- and Warm-Forging

Up to now, the conventional forging steels such as precipitation hardening fer-
rite/pearlite (PHFP) steels, micro-alloyed PHFP (PHFP-M) steels [128,129], bainitic
steels [130,131] and Q&T martensitic steels [132,133] are applied to the automotive en-
gine, powertrain and chassis for weight reduction. For further weight reduction of their
parts, 1.5 to 2.0 GPa grade hot-forging AMSs such as TM [118,119,129] and M-MMn [78–80]
steels subjected to the IT, DQ, and DQ-P processes have been recently developed, as well
as TBF [80,134–136], Q&P [137], and CFB [138,139] forging steels with the BF/M matrix. In
general, this prospective AMSs contains Si and/or Al higher than 1.0 mass % to suppress
the carbide formation and promote a predominant formation of carbon-enriched retained
austenite [118,119,140]. Micro-alloying of Mn, Cr, Ni, Mo, B, etc. is fundamental to increase
the hardenability. In addition, additions of V, Ti, and/or Nb are required for refining the
prior austenitic grain and precipitation hardening.

According to Kobayashi et al. [118], hot-forging at 900 ◦C (>Ac3) with a reduction strain
of 40 to 60% (one pass, strain rate: 50%/s) followed by the DQ-P process (Tp = 200 to 350 ◦C)
produces a uniform and fine microstructure in 0.4C–1.5Si–1.5Mn–0.05Nb–0.002B TM steel,
without polygonal ferrite. In addition, the hot-forging increases the volume fractions of
retained austenite and MA phase, with the decreased carbide fraction. Resultantly, the
hot-forging and subsequent DQ-P process bring on an excellent combination of yield
stress and Charpy V-notch impact value (YS = 1400 to 1561 MPa and Ev of 35 to 44 J/cm2)
(Figure 17) [117,118]. The balance is far higher than the conventional Q&T martensitic,
bainitic, PHFP, and PHFP-M steels [141–146], and it is nearly the same as those of TBF,
Q&P, and CFB steels with a BF/M matrix structure, although the balance is slightly inferior
to that of TBF steels with the same chemistry. According to Kobayashi et al. [118,119],
the increased balance is associated with (i) refined duplex phase structure (soft coarse
lath-martensite and MA phase) and (ii) increased volume fractions of retained austenite
and MA phase. Note that the balance (YS×Ev) value of D-MMn steel is lower, although
the steel possesses an extremely high TS×TEl value.

Figure 17. Relationship between Charpy V-notch impact value (Ev) and yield stress (YS) at room
temperature in steel groups [77,117,141–146]. PHFP, PHFP-M, TBF, Q&P, CFB, D-MMn, AMS, TM
and M-MMn are precipitation-hardening ferritic–pearlitic, micro-alloyed PHFP, TRIP-aided bainitic
ferrite, quenching and partitioning, carbide-free bainitic, duplex-type medium Mn, advanced marten-
sitic, TRIP-aided martensitic, and martensite-type medium Mn steels, respectively. This figure is
reproduced based on Ref. [117].
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The cooling rate just after hot-forging is a very important factor controlling the microstruc-
ture and mechanical properties of AMSs. Kobayashi et al. [119] show an important result that
a low cooling rate (1.2 ◦C/s) to room temperature after hot-forging increases the Ev and lowers
the DBTT in 0.21%C–1.49%Si–1.49%Mn–1.0%Cr–0.20%Mo–1.50%Ni–0.05%Nb TM steel. In
addition, they show that the improved impact toughness is mainly caused by the increased
volume fraction and carbon concentration of retained austenite and the decreased carbide
fraction as well as the finely dispersed MA phase. Gramlich et al. [80] show that air cooling to
room temperature after hot-forging produces a mixture of martensite with a small amount
of carbide and retained austenite and results in extremely high strain-hardening in 0.18%C–
0.52%Si–3.98%Mn–0.54%Al–0.11%Cr–0.20%Mo–0.10%Ni–0.11%V–0.036%Nb M-MMn steel.
In this case, subsequent partitioning or tempering at 250 to 350 ◦C slightly increases the
carbide size without major changes in morphology. Resultantly, the partitioning increases the
yield stress and slightly decreases the tensile strength with no change in elongation.

Hojo et al. [82] show that warm-forging at 650 ◦C and subsequent slow cooling
(1 ◦C/s) increases the volume fraction and carbon concentration of the retained austenite
and decreases the volume fractions of MA phase and carbide in 0.23%C–1.5%Si–1.5%Mn–
1.0%Cr–0.2%Mo–0.1%Ti–0.0019%B TM steel (Figure 18). The product of shear stress and
shear elongation of the TM steel after warm-forging, which is measured by small punching
tests at room temperature, is slightly increased.

Figure 18. Variations in (a) initial volume fraction (fγ0) and initial carbon concentration (Cγ0) and (b) volume fractions of
MA phase (f MA) and carbide (fθ) of retained austenite as a function of warm working temperature (TR) in 0.23%C–1.5%Si–
1.5%Mn–1.0%Cr–0.2%Mo–0.1%Ti–0.0019%B TM steel [82]. Cooling rate: 1 ◦C/s (solid marks) or 20 ◦C/s (open marks).
Reduction strain: 40%. Reprinted with permission from AIST: Iron Steel Technol., Copyright 2021.

7. Case Hardening of AMSs

Fine particle peening (FPP) treatment after the heat-treatment (the DQ-P process,
Tp = 180 ◦C) increases the rotating bending fatigue limits of smooth and notched specimens
in 0.20%C–1.50%Si–1.51%Mn–1.0%Cr–0.05%Nb TM steel (Figure 19a) [147]. Vacuum
carburization (VC) treatment followed by the DQ-P process and subsequent FPP treatment
(VC+FPP, Tp = 180 ◦C) further increases the fatigue limits in 0.2%C–1.5%Si–1.5%Mn–
1.0%Cr–0.05%Nb TM steel [148]. According to Sugimoto et al., the high fatigue limits are
obtained under the conditions of carbon potential of 0.8 mass% (Figure 19b) [148] and
arc-height of 0.21 mm with a gage N (Figure 19a) [147].

The fatigue limits of case-hardened TM steel are mainly controlled by the Vickers
hardness (or yield stress) and compressive residual stress in the surface hardened layer,
which are developed from the severe strain-hardening and strain-induced transformation
of retained austenite [147,148]. As shown by line (1) in Figure 20, the smooth fatigue
limit (σw) of 0.2%C–1.5%Si–1.5%Mn–1.0%Cr–0.05%Nb TM steel subjected to only the FPP
treatment shows a linear relationship with the sum of the estimated maximum yield stress
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and the absolute value of maximum compressive X-ray residual stress (σY,est + |σXα,max|)
as the following equation proposed by Matsui and Koshimune et al. [149,150],

σw = 0.3891 × (σY,est + |σXα,max|), (2363 MPa < σY,est + |σXα,max| < 4505 MPa) (10)

where σY,est is calculated by

σY,est = (HVmax/3) × 9.80665 × (YS/TS) (11)

where HVmax is the maximum Vickers hardness and YS/TS is the yield ratio (assumed
by Matsui et al. to be 0.95 in 0.22%C–0.27%Si–0.74%Mn–1.1%Cr–0.36%Mo Q&T steel
gas-carburized and then shot-peened [150]).

Figure 19. (a) Arc-height (AH) dependence of smooth fatigue limit (σw) in 0.2%C–1.5%Si–1.5%Mn–1.0%Cr–0.05%Nb TM
steel (•�) and JIS-SNCM420 Q&T steel (��) subjected to fine particle peening (FPP) treatment after heat-treatment (the
DQ-P process, Tp = 180 ◦C) and vacuum carburization (VC) followed by the DQ-P process (Tp = 180 ◦C) and then fine
particle peening (FPP) treatment (VC+FPP) [147]. (b) Carbon potential (Cp) dependence of σw, notch-fatigue limit (σwn) and
notch sensitivity (q) in the TM steel subjected to VC+FPP treatment [148]. (i) Increases in hardness and compressive residual
stress, (ii) fish-eye crack fracture at a high depth. Refs. [147,148] are reprinted with permissions from Springer Nature:
Metall. Mater. Trans. A, Copyright 2021 and from Taylor & Francis: Mater. Sci. Technol., Copyright 2021, respectively.

Figure 20. Relationships between smooth and fatigue limits (σw, σwn) and the sum of estimated
yield stress and the absolute value of maximum compressive residual stress {σY,est + abs(σXα,max)}
of smooth (solid marks) and notched (open marks) specimens in 0.2%C–1.5%Si–1.5%Mn–1.0%Cr–
0.05%Nb TM (•�) and JIS-SNCM420 (��) steels subjected to only fine particle peening (FPP) with
an arc height of 0.21 mm(N) after the heat-treatment (DQ-P process, Tp = 180 ◦C)) and vacuum
carburization under various carbon potentials (CP = 0.2 to 0.8 mass%) and subsequent FPP (VC+FPP).
Lines (1) and (3) denote the fatigue limits of the smooth and notched specimens subjected to FPP
treatment, respectively. Lines (2) and (4) refer to the fatigue limits of the smooth and notched
specimens subjected to VC+FPP treatment [148]. Reprinted with permission from Taylor & Francis:
Mater. Sci. Technol., Copyright 2021.
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As shown in Figure 20, the slope in Equation (10) of notch-fatigue limit (σwn) lowers
to 0.2282 in TM steel subjected to the FPP treatment (see Line (3)) [147]. On the other hand,
the slops corresponding to the smooth and notch-fatigue limits of TM steel subjected to
the VC+FPP treatment further decrease such as Lines (2) and (4), respectively [147,148].
The decreased slopes of Lines (2) and (4) are caused by the fish-eye crack fracture. It is
noteworthy that the smooth and notch-fatigue limits of TM steel are higher than those of
JIS-SNCM420 Q&T steel subjected to the same process.

Skołek et al. [151] report that DIN-35CrSiMn5-5-4 steel subjected to the DQ-P (or
Q&T) process after the VC treatment (without FPP or shot-peening) possesses low surface
wear resistance compared to the steel with nano-bainitic structure subjected to the IT
process above Ms. They say that the low wear resistance of DQ-P process steel is caused
by low retained austenite fraction. Kanetani et al. [152] investigate the morphology of
the deformation-induced martensite formed on rolling contact fatigue in SAE4320 steel
subjected to carburization and then Q&T process and show an interesting result that the
deformation-induced martensite is formed preferentially within the retained austenite
grains, not from the interface between tempered martensite and retained austenite.

8. Summary

The AMS sheets can be produced by lower heat-treatment temperature than the
third-generation AHSSs (Type A) with BF/M structure matrix. As they possess the same
excellent cold formability as the third-generation AHSSs (Type A), some applications to the
automotive frame members can be expected in the future [153–155]. In addition, the AMSs
can be applied to the automotive wire rod and bar parts such as engine, powertrain and
chassis parts. Thus, the wear property, weldability, and machinability of the hot-forged
AMSs also must be systematically investigated in the future, apart from toughness, fatigue
strength, and delayed fracture strength described in this review. In addition, the effects of
case-hardening on the mechanical properties are also required, because the engineers and
scientists want to know them.

Finally, it is emphasized that the AMSs may be applied to not only automotive parts
but also the forging parts of other engineering structures such as construction machinery,
airplane, marine machinery, etc. Such applications will increase the fracture strength of
many products and resultantly bring about a great increase in reliability. The microstructure
and mechanical properties of martensitic stainless steel containing metastable retained
austenite subjected to the DQ and DQ-P process should be also discussed as one kind of
AMSs in the future.
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Abstract: This paper presents the microstructural and mechanical properties of low and medium
carbon advanced high-strength forging steels developed based on the third generation advanced
high-strength sheet steels, in conjunction with those of conventional high-strength forging steels.
Hot-forging followed by an isothermal transformation process considerably improved the mechanical
properties of the forging steels. The improvement mechanisms of the mechanical properties were
summarized by relating to the matrix structure, the strain-induced transformation of metastable
retained austenite, and/or a mixture of martensite and austenite.

Keywords: advanced high-strength forging steel; hot-forging; microstructure; retained austenite
characteristics; mechanical properties; applications

1. Introduction

Conventional high-strength forging steels (CFSs) are necessary for the production of automotive
powertrain and chassis parts. Most of the CFSs are generally subjected to the heat-treatment of
quenching and tempering (Q&T) after cold- or hot-forging to increase the yield stress, impact
toughness, fatigue strength, etc. Because the Q&T treatment is expensive, modified V-microalloying
precipitation hardening ferritic/pearlitic (PHFP-M) steels and bainitic steels subjected to hot-forging and
then controlling cooling were developed to eliminate the additional Q&T treatment [1–4]. Although
both the steels are applied to the automotive powertrain and chassis forging parts, their mechanical
properties are inferior to those of Q&T steels. Recently, non-heat-treated forging steels with further high
mechanical properties are required to achieve the weight reduction and size-down of the automotive
parts [3,4].

In the past decades, the following first, second, and third generation advanced high-strength steel
(AHSS) sheets shown in Figure 1 have been developed for the weight reduction and the improvement
of crush safety of the automotive body.

(I) First generation AHSS: ferrite–martensite dual-phase steels, transformation-induced plasticity
(TRIP)-aided steels [5] with polygonal ferrite matrix structure, and complex phase steels [6–8].

(II) Second generation AHSS: twinning-induced plasticity (TWIP) high Mn steels [7–10].
(III) Third generation AHSS: TRIP-aided steels with bainitic ferrite, bainitic ferrite–martensite,

and martensite matrix structures (TBF, TBM, and TM steels, respectively) [11–16], quench
and partitioning (Q&P) steels [7,8,17–19], nanostructured bainitic (Nano-B) steels (or carbide
free bainitic steels) [3,4,7,8,20–23], dual-phase type and martensite type medium Mn (M-Mn)
steels [7,8,24–26], and maraging-TRIP steels [7,27].
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The third generation AHSS sheets are the most needed steel sheet grade in the future by the
automotive industry. In the third generation AHSS sheets, a product or combination of tensile
strength and total elongation higher than 30 GPa% is made the target (Figure 1). Low and medium
carbon TBF [8,11,12], TBM [11–15], and TM steels [12–16] are produced by a similar heat-treatment
process to low and medium carbon Q&P, Nano-B, and martensite type M-Mn steels, except Q&P steel
subjected to a two-step Q&P process. For the TBF, TBM, and TM steels, isothermal transformation (IT)
processes at temperature (TIT) above the martensite-start temperature (MS) [11,12], between MS and
the martensite-finish temperature (Mf) [11–15] and lower than Mf are conducted after austenitizing or
annealing [12–16], respectively. Recently, low and medium carbon TBF [28–30] and Q&P steels [31]
were applied to the automotive body and seats because their steels possess a superior combination of
tensile strength and cold formability.

Figure 1. Relationship between the product of tensile strength and total elongation (TS × TEl) and
initial volume fraction of austenite or retained austenite (fγ0) in the first, second, and third generation
advanced high-strength steel (AHSS) sheets. Mar.: conventional martensitic steel, DP: ferrite–martensite
dual-phase steel, TPF, TBF, TBM, and TM: transformation-induced plasticity (TRIP)-aided steels with
polygonal ferrite, bainitic ferrite, bainitic ferrite–martensite, and martensite matrix, respectively, Q&P:
one-step and two-step quenching and partitioning steel, Nano-B: nanostructured bainitic steel, M-Mn:
dual-phase type and martensite type medium Mn steel, TWIP: twinning-induced plasticity steel, Aus.:
austenitic steel. This figure was modified based on Ref. [24].

The advanced high-strength forging steels (AFSs) which were developed based on the third
generation AHSSs are also very attractive to apply to the automotive hot-forging parts because they
bring on the especially high yield stress and tensile strength, large elongations and high impact
toughness, high fatigue strength and high delayed fracture strength [32–37]. It is well known that the
improved mechanical properties are associated with refined microstructure and improved retained
austenite characteristics [32–36].

This paper introduces the microstructural and mechanical properties of the prospective low and
medium carbon AFSs with bainitic ferrite and/or martensite matrix structure and metastable retained
austenite, along with the low and medium carbon CFSs. In addition, the improvement mechanisms
of the mechanical properties are detailed by relating to the matrix structure, the strain-induced
transformation of metastable retained austenite and/or a mixture of martensite and austenite (MA).
Unfortunately, this paper does not include various properties of dual-phase type M-Mn [24,25] and
maraging-TRIP steels [27], because heat-treatment process and chemical composition of both the steels
are great different from those of the other AFSs.

2. Classification of Hot-Forging Process for Low and Medium Carbon Steels

The hot-forging process of various low and medium carbon forging steels is classified as
Table 1. The forging process can be divided into three categories such as conventional hot-forging,
controlled hot-forging (or semi-hot-forging), and ausforming. Conventional hot-forging temperatures
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are between 1000 ◦C and 1200 ◦C above the recrystallized temperature (TR). Controlled forging
temperatures are between TR and Ac3. Ausforming temperatures are lower than Ac3 corresponding
to a metastable austenite region. The lower the forging temperature, the finer the microstructure.
For every forging, post cooling rates decide the type of matrix structure, namely, quenching, rapid
cooling, and moderate cooling resulting in martensite, bainite, and ferrite-pearlite matrix structures,
respectively. Microalloying of V, Ti, and/or Nb contributes to the refining of prior austenitic grain
and the precipitation strengthening of the matrix structure by V,Ti,Nb(C,N)-carbonitrides [8,38–45].
Microalloying of Cr, Mo, Ni, B, etc. increases the hardenability and resultantly enhances the yield
stress and tensile strength of the forging products.

Table 1. Classification of hot-forging process for low and medium carbon steels. PHFP steel:
V-microalloying precipitation hardening ferritic-pearlitic steel, PHFP-M steel: modified PHFP steel,
Q&T steel: quenching and tempering steel, TBF steel: TRIP-aided bainitic ferrite steel, Q&P steel:
quenching and partitioning steel, Nano-B steel: nanostructured bainitic steel, TBM steel: TRIP-aided
bainitic ferrite-martensitic steel, TM steel: TRIP-aided martensitic steel, M-Mn steel: medium Mn steel,
TR: recrystallized temperature.

Designation
Forging

Temperature
Phase on
Forging

Steel Type after Hot-Forging

Diffusion
Transformation

Non-Diffusion
and Diffusion

Transformation

Non-Diffusion
Transformation

Conventional
hot-forging >TR austenite PHFP steel,

PHFP-M steel,
bainitic steel, TBF

steel, one-step Q&P
steel, Nano-B steel

Two-step Q&P
steel, TBM steel

Q&T steel, TM
steel,

Martensite type
M-Mn steel

Controlled
hot-forging TR − Ac3 austenite

Ausforming <Ac3
metastable
austenite

3. Conventional High-Strength Forging Steels; CFSs

Figure 2 shows the typical hot-forging and subsequent controlling cooling diagrams of the CFSs
such as Q&T, PHFP-M, and bainitic steels [46]. In this case, the temperature, reduction strain, and
reduction strain rate on hot-forging and post cooling rate are important hot-forging parameters
controlling the microstructure and mechanical properties of the steels. The PHFP-M and bainitic
steels [44,45] have made great achievements for weight reduction of hot-forging components in the
project “Lightweight Forging Initiative” performed in Germany [1,2]. The mechanical properties
and typical steel grade of the PHFP-M and bainitic steels are summarized as follows, together with
Q&T steels.

Figure 2. Conventional hot-forging, controlled hot-forging, and ausforming process followed by
controlling cooling for the CFSs such as Q&T, bainitic, and PHFP-M steels. TR: recrystallized
temperature. Tempering is carried out after quenching in Q&T steel. (The figure of Ref. 46 is modified).

29



Metals 2019, 9, 1263

3.1. Q&T Steels

Conventional Q&T steels used in many hot-forged parts achieve great mechanical properties
such as high yield stress, high tensile strength, large uniform and total elongations, and high impact
toughness, as well as high fatigue strength, although the Q&T treatment is expensive. When the tensile
strength and impact toughness are compared with those of other CFSs, Q&T steel possesses the highest
tensile strength and impact toughness (Figure 3) [3,4,47]. Typical Q&T steel grade DIN-25CrMo4
and 42CrMo4 are applied to bolts and screws [4,48,49], which must be strong and tough to undergo
the cyclic load. If low-cost is required for the materials, DIN-36CrB4 without Mo is replaced for
the DIN-42CrMo4 [48,49], also with regard to applications such as crankshafts and shafts. Fully
substituting Mo by Mn results in reduced low temperature impact toughness values [48].

Ausforming of metastable austenite is an important forging technique enhancing both the
strength and impact toughness due to prior austenitic grain refining. A martensitic METT100
steel (0.07C−3.2Mn−0.6Cr−0.2Mo, in masss%) [50] has been developed by Q&T treatment after
ausforming. The METT100 steel has high buckling strength two times that of DIN-S40VC
(0.40C−0.2Si−1.0Mn−(0.1–0.2)V). The increased yield stress, tensile strength, and impact toughness
are caused by the increased dislocation density without cell structure and refining of martensite lath
and block, as well as prior austenitic grain refining [50]. The METT100 forging steel is expected to be
applied to actual automotive components such as connecting rod, crank shaft, driveshaft differential,
constant velocity joint, wheel carrier, suspension, etc.

Figure 3. Relationship between Charpy V-notch impact energy (Ev) and yield stress (YS) at room
temperature in various steel groups, mainly used for hot-forgings in the automotive industry [3,4,47].
Q&T, PHFP, PHFP-M, Nano-B, and M-Mn are quenching and tempering steel, V-microalloying
precipitation-hardening ferritic-pearlitic steel, modified PHFP steel, nanostructured bainitic steel, and
dual-phase type medium Mn steel, respectively.

3.2. PHFP-M Steels

PHFP-M steels developed as alternative materials of Q&T forging steels are characterized by
low production cost due to the elimination of an additional Q&T step. The PHFP-M steels are
achieved by reduction of the ferrite fraction, the decrease in the pearlite lamellae spacing, and the
addition of the microalloying elements Nb and Ti, which results in additional precipitates besides the
V(C,N) [3,38–40,45,51,52]. However, the PHFP-M steels possess lower yield strength, lower tensile
strength, and lower Charpy V- notch impact energy compared to the Q&T steels, although the yield
stress and tensile strength are higher than those of the PHFP steels with 0.1 to 0.4 mass% V (Figure 3).
The typical steel grade is DIN-38MnVS6 [41,48] and 46MnVS5 [53] for connecting rods. The fine
V,Nb,Ti-carbonitrides which were precipitated by fast cooling to about 600 ◦C followed by holding
at the temperature [4] effectively increase the yield stress and tensile strength, with the decreased
elongations and impact toughness.
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Controlled hot-forging increases the yield stress and tensile strength of the PHFP-M forging steels
due to the prior austenitic grain refining (and refining of ferritic and pearlitic structures), although
the ferrite fraction increases [46]. In this case, forging temperatures are between 800 ◦C and 1000 ◦C.
The controlled hot-forging is applied to produce METT75 steel (0.38C−0.25Si−1.0Mn−0.2Cr−0.2V)
and METT80 steel (0.35C−0.25Si−1.0Mn−0.2Cr−0.3V) [54]. These steels are produced via air cooling
after hot-forging, resulting in very fine VC precipitates in the ferrite phase. The non-heat-treated
METT80 steel achieves high yield strength 1.6 times that of conventional S40VC steel [54].
For applications to powertrain components, ultrahigh-strength PHFP-M steel (Vanard Ultra:
(0.4−0.5)C−(0.3−0.8)Si−(1−1.5)Mn−(0.15−0.25)V−(0.01−0.025)N) is also developed by Clarke et al. [55].

3.3. Bainitic Steels

Bainitic steels have an impact on the toughness−yield stress relationship intermediate between
Q&T and PHFP-M steels (Figure 3) [49,56–61]. The bainitic steels with the different bainite morphologies
such as acicular, upper, and lower bainites can be formed simply by controlling the post cooling rate
immediately after hot-forging (Figure 2). One bainitic steel grade DIN-20MnCrMo7 is commercially
available for applications to common rail and injector body [48,53,56,60]. The desired bainitic structure
is achieved by adding Mn, Cr, and some Mo. Likewise, DIN-16MnCrV7-7, which is a cost-effective
steel grade, achieves an attractive strength level without additional heat-treatment [48]. An important
aspect of the bainitic steels is their machinability. For DIN-20MnCrMo7 with 0.15 mass% S, Biermann
et al. [58] compared the machinability with that of Q&T steel DIN-42CrMo4. The bainitic steel is more
difficult to machine, mainly due to its higher hardness.

Sourmail et al. [59,61] design the medium carbon bainitic forging steel grade DIN-38MnCrMoVB5
and 40MnSiCrMoB4. The benefit of the bainitic steels against Q&T steel DIN-42CrMo4 is obvious since
the materials never require heat-treatment after hot-forging [48]. To further improve the mechanical
properties of the bainitic steels, the development of Si bearing Nano-B steels with high ductility and
high toughness continues [3,4,16,40,53,62] (Figure 3). Simultaneously, many researchers are developing
dual-phase type M-Mn steels with a large amount of metastable retained austenite. Unfortunately,
the toughness of the M-Mn steels is lower than bainitic steels [47,53,62] (see M-Mn steel in Figure 3).
The details of the Nano-B steels are described in the following Section 4.

4. Advanced High-Strength Forging Steels; AFSs

Recently, 980−1960 MPa grade AFSs such as TBF, Nano-B, one and two-step Q&P, TBM, TM, and
martensite type M-Mn forging steels with bainitic ferrite and/or martensite matrix structure have been
developed for weight reduction of automotive powertrain and chassis [32–36]. These prospective
AFSs contain Si and/or Al higher than 0.5 mass% to suppress the carbide formation and promote
a predominant formation of carbon-enriched retained austenite [32–37]. In addition, IT process at
TIT higher than MS, between MS and Mf and lower than Mf immediately after hot-forging must be
conducted to the AFSs (Figure 4). The heat-treatment of two-step Q&P steel exceptionally consists of
quenching to temperature (TQ) between MS and Mf and subsequent partitioning at temperature (TP)
higher than MS. In some cases, Cr, Ni, Mo, B, etc. are microalloyed to increase the hardenability of the
AFSs. Further, V, Ti, and/or Nb are added to refine the prior austenitic grain. The microstructures of
the AFSs are classified into three types as illustrated in Figure 5. Metastable retained austenite in all
AFSs plays an important role in enhancing the ductility and fracture strengths such as fatigue strength,
impact toughness, and delayed fracture strength [63,64]. In the following, the microstructural and
mechanical properties of three types of AFS are detailed.
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Figure 4. Hot-forging processes of low and medium carbon AFSs such as TBF, one-step and two-step
Q&P, Nano-B, TBM, TM, and martensite type M-Mn steels. TR: recrystallized temperature.

Figure 5. Illustration of typical microstructure of various AFSs. (a): TBF, Nano-B, and one-step Q&P
steels, (b): two-step Q&P, TBM, and Nano-B steels, (c): TM and martensite type M-Mn steels. αbf,
αm, αm*, γR, θ, and MA represent bainitic ferrite, soft martensite, hard martensite, retained austenite,
carbide, and a mixture of martensite and austenite, respectively.

4.1. TBF, One-Step Q&P, and Nano-B Steels (TIT >MS)

TBF steels are produced by IT process at TIT higher than MS immediately after hot-forging in
austenite region, in the same way as one-step Q&P and Nano-B steels (Figure 4). The microstructure
mainly consists of bainitic ferrite matrix structure, filmy retained austenite along the bainitic ferrite
lath boundary, and a negligible amount of MA phase (Figure 5a).

Hot-forging with a reduction strain higher than 40% refines the prior austenitic grain, bainitic
ferrite structure, retained austenite phase, and MA phase (Figure 6b) [37]. Also, the hot-forging
increases the volume fraction and mechanical stability of the retained austenite. Microalloying of Cr
and Mo is effective to increase the volume fraction and carbon concentration of the retained austenite,
as well as an increase in hardenability [32–34]. Controlled hot-forging and ausforming followed by
IT process is also further effective to refine the microstructure and improve the retained austenite
characteristics [34].

Hot-forging with a reduction strain of 50% achieves an excellent combination of yield
stress of 700−1000 MPa and Charpy impact absorbed value of 110–130 J/cm2 in 0.20C−1.52Si−
1.50Mn−0.05Nb−0.0018B and 0.42C−1.47Si−1.51Mn−0.50Cr−0.20Mo−0.48Al−0.05Nb TBF steels
subjected to IT process at TIT above MS (Figure 7) [35,65], as well as a good balance of yield stress and
total elongation. The yield stress−impact toughness balance exceeds so much that of a hot-forged
0.3C−0.26Si−1.0Mn−0.2Cr−0.3V PHFP-M steel [55] and an ausformed 0.13C−0.26Si−2.7Mn Q&T
steel [50] (see Figure 7). A similar result is also obtained by El-Din et al. [66]. From the examinations of
microstructure and retained austenite characteristics, it is revealed that the excellent balance of TBF
steel is mainly caused by (i) refined bainitic ferrite matrix structure, (ii) refined prior austenitic grain,
and (iii) a large amount of refined metastable retained austenite. The retained austenite suppresses the
crack initiation or the void formation and subsequent void coalescence during impact tests via the
plastic relaxation of localized stress concentration and an increase in carbon-enriched hard martensite
fraction resulting from the strain-induced transformation [32,33]. Ultra-fast heating before hot-forging
is also effective for grain refining [67].
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Figure 6. Phase maps (a,b) and orientation maps (c,d) of EBSP of 0.42C−1.47Si−1.51Mn−0.50Cr−0.
20Mo−0.48Al−0.05Nb TBF steel subjected to IT process at TIT = 350 ◦C immediately after (a,c)
austenitizing and (b,d) hot-forging at a reduction strain of 50% and a strain rate of 0.5/s. In (a,b), αbf, γR

and MA represent bainitic ferrite (yellowish green), retained austenite (red), and martensite-austenite
phase, respectively [32,33]. (a,c): fγ0 = 20.0 vol.%, (b,d): fγ0 = 21.2 vol.%.

Figure 7. Charpy impact absorbed values (CIAV) as a function of yield stress or 0.2% offset proof
stress (YS) in hot-forged low and medium carbon TBF and TM steels and heat-treated JIS-SCM420 and
JIS-SCM440 steels [33,35,65]. Charpy impact and tensile tests were carried out at room temperature.

: 0.2C−1.5Si−5Mn martensite type M-Mn steel [26], : 0.3C−0.26Si−1.0Mn−0.2Cr−0.3V PHFP-M
steel [55], : 0.13C−0.26Si−2.7Mn ausformed Q&T steel [50]. R: reduction strain, open marks: steels
without hot-forging, solid marks: steels hot-forged at a reduction strain of 50% and a strain rate of 0.5/s.

Sugimoto et al. [63,68] report that a low carbon TBF steel achieves the excellent balance of
mechanical properties as shown in Figure 8. Wirths et al. [69] find out an interesting result which
hot-forged 0.18C−0.97Si−2.50Mn−0.2Cr−0.1Mo−0.0018B Nano-B steel exhibits a significant cyclic
hardening, differing from 42CrMo4 Q&T steel showing a large cyclic softening, in the same way as
a 0.17C−1.41Si−2.02Mn TBF steel [63]. The Nano-B steel also exhibits a balance of tensile strength
and Charpy impact absorbed value higher than that of Q&T steel DIN-42CrMo4. Buchmayr [4] and
Caballero et al. [23] also report that low carbon Nano-B steels achieve an excellent balance of yield
stress and total elongation.

33



Metals 2019, 9, 1263

Figure 8. Comparison of various mechanical properties of DIN-22MnB5 Q&T steel and 0.2C-1.5Si-1.5Mn
TBF and TM steels subjected to heat-treatment without hot-forging. This figure was modified based on
Refs. [63,64].

4.2. Two-Step Q&P (Mf < TQ <MS, TP >MS) and TBM Steels (Mf < TIT <MS)

Two-step Q&P process consists of direct quenching to temperature (TQ) between MS and Mf and
subsequent partitioning at temperature (TP) higher than MS after austenitizing [17] (green dotted line
in Figure 4). On quenching, a certain amount of soft martensite transforms first. The soft martensite
fraction (fαm) can be estimated by the following empirical equation proposed by Koistinen and
Marburger [70].

fαm = 1 − exp {−A (MS − TQ)B} (1)

where A and B are material constants. During partitioning, carbide-free bainite transformation results
from austenite, accompanied with carbon migration from soft martensite to the remaining austenite.
The resultant microstructure consists of a dual-phase structure of soft martensite and bainitic ferrite
and a large amount of metastable retained austenite (Figure 5b). In some cases, a small quantity of
MA phase is formed [71]. It is noteworthy that fine martensite in the MA phase is a very hard phase
because it is carbon-enriched to the same extent as retained austenite. A small amount of carbide is
formed only in the soft martensite lath structure when the quenching temperature is slightly higher
than Mf [72]. A simplified route with direct cooling in the quenching bath for making hot-forged parts
using a Q&P process is illustrated in Figure 9 [45].

The two-step Q&P process brings out a balance of tensile strength and total elongation
higher than one-step Q&P process [17]. Gao et al. [73,74] report that the two-step Q&P process
enhances the Charpy impact absorbed values in low carbon Si–Mn steels. According to Bagliani
et al. [72] and Somani et al. [75], the two-step Q&P process lowers the ductile–brittle transition
temperature of Charpy impact absorbed value in a 0.28C−1.41Si−0.67Mn−1.49Cr−0.56Mo steel and
(0.19−0.22)C−(0.55−1.48)Si−(1.50−2.04)Mn−(0−1.06)Al−(0.52−1.20)Cr−(0−0.21)Mo−(0−0.79)Ni steels,
respectively. Also, De Diego-Calderón et al. [76] confirm that the two-step Q&P process increases the
fracture toughness of a 0.25C−1.5Si−3Mn steel.

Figure 9. Simplified route with direct cooling in quenching bath for making forged parts using a
two-step Q&P process (Reprinted with permission from [44], Copyright IRED 2014).
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Sugimoto et al. [32,65] also reported that excellent ductility and impact toughness are obtained
in hot-forged low and medium carbon TBM steels. They propose that the excellent mechanical
properties are associated with (i) a refined dual-phase matrix structure of soft martensite and
bainitic ferrite, (ii) refined prior austenitic grain, and (iii) a large amount of refined metastable
retained austenite. The dual-phase structure plays a role in decreasing the fracture facet size and
consequently lowers the ductile–brittle transition temperature. In addition, the dual-phase structure
produces a compressive internal stress in the bainitic ferrite structure. A similar study using a
0.15C−1.41Si−1.88Mn−1.88Cr−0.36Ni−0.34Mo Nano-B steel subjected to ausforming and then IT
process at TIT between MS and Mf is reported by Zhao et al. [77]. The roles of the above (ii) and (iii) are
the same as those of TBF steels.

Although there are no data comparing the mechanical properties of hot-forged two-step Q&P
steels with those of hot-forged TBM steels, the mechanical properties of the hot-forged two-step Q&P
steels are supposed to be the same extent as those of the hot-forged TBM steels [64] because their
microstructures are nearly the same as each other.

4.3. TM and Martensite Type M-Mn Steels (TIT <Mf)

TM steel can be produced by IT process at TIT lower than Mf immediately after hot-forging of
austenite, as well as direct quenching to room temperature (Figure 4) [12–16]. If the TIT is near room
temperature or direct quenching to room temperature is conducted, partitioning at TP lower than
MS is added. The microstructure is characterized by a dual-phase structure of soft martensite matrix
structure and hard MA phase (Figure 5c). Most of a small amount of retained austenite is included
in the MA phases [12–16]. Only a little carbide is developed only in the soft martensite, in the same
way as two-step Q&P quenched to TQ just higher than Mf and TBM steel subjected to IT process at TIT

just higher than Mf. Final partitioning promotes carbon-enrichment into the retained austenite and
softening of both martensites without additive carbide formation [35–37].

Hot-forging at a reduction of 50% brings on an excellent combination of tensile strength of 1500 to
2000 MPa (or yield stress of 1200 to 1560 MPa) and Charpy impact absorbed value of 35 to 80 J/cm2 in
0.3C- and 0.4C-TM steels when the partitioning process was added after the IT process (Figure 7) [35].
The combination exceeds so much those of the commercial Q&T steels such as JIS-SCM420 and SCM440
steels in a range of YS > 1200 MPa [35,65], although the combination is slightly inferior to that of
TBF steels. The ductile–brittle transition temperatures, however, are much lower than those of TBF
steels [64]. Also, TM steels possess higher tensile strength, delayed fracture strength, fracture toughness,
and notched fatigue strength than TBF steel. As shown in Figure 7a, 0.2C–1.5Si–5Mn martensite type
M-Mn steel without hot-forging exhibits the same combination of yield stress and Charpy impact
absorbed value as 0.3C-TM steel, but lower combination than 0.2C- and 0.4C-TBF steels [26].

According to Kobayashi et al. [78], MA phases in the TM steel play an important role in suppressing
void formation and preferential void growth at the MA phase/matrix interface (Figure 10a). Furthermore,
the MA phases also inhibit the initiation and propagation of cleavage cracking (Figure 10b), through
the block effect and the plastic relaxation that occurs as a result of the strain-induced transformation of
the metastable retained austenite. With this is in mind, the excellent impact toughness of TM steel is
mainly caused by (i) refined dual-phase structure of soft martensite and MA phase and (ii) refined
prior austenitic grain [35,36]. The (i) also generates a high long range compressive internal stress in the
soft martensitic matrix. A small quantity of metastable retained austenite and the decreased carbide
fraction may make a contribution to the impact toughness.
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Figure 10. Illustrations showing (a) a ductile fracture and (b) a brittle fracture of TM steel appeared on
impact tests [78,79]. Lc: Quasi-cleavage length affected by the MA phase located on prior austenitic,
packet, and block boundaries.

5. Summary

In this paper, the hot-forging process and mechanical properties of CFSs were first stated, as well
as typical steel grade and various automotive applications. Next, the microstructural and mechanical
properties of HFSs were shown and compared with those of CFSs.

Hot-forged AFSs achieved much better mechanical properties than hot-forged CFSs. The excellent
mechanical properties, especially impact toughness, were mainly caused by the following
microstructural properties in TBF steel (and one-step Q&P and Nano-B steels), two-step Q&P steel
(and TBM steel), and TM steel (and martensite type M-Mn steel).

(1) TBF, one-step Q&P, and Nano-B steels: refined bainitic ferrite matrix structure, refined prior
austenitic grain, and a large amount of refined metastable retained austenite.

(2) Two-step Q&P and TBM steels: refined dual-phase structure of soft martensite and bainitic ferrite,
refined prior austenitic grain, and a large amount of refined metastable retained austenite.

(3) TM and martensite type M-Mn steels: refined dual-phase structure of soft martensite and MA
phase and refined prior austenitic grain.

For impact toughness, two types of dual-phase structure play roles in enhancing a compressive
internal stress in soft structure and decreasing the fracture facet size. A large amount of refined
metastable retained austenite suppresses the crack initiation or the void formation and subsequent
void coalescence or crack growth via the plastic relaxation of localized stress concentration resulting
from the strain-induced transformation of the retained austenite. The strain-induced hard martensite
also plays a role in the block effect of crack growth, as well as MA phase. Although TM steel includes a
small quantity of retained austenite, the metastable retained austenite makes a contribution to high
impact toughness, as well as the decreased carbide.

The AFSs can be expected to enable the weight reduction and size-down of the automotive
powertrain and chassis parts. In order to apply the AFSs to the automotive hot-forging components,
however, other mechanical properties such as fatigue strength, delayed fracture strength, and wear
properties of hot-forged AFSs must be systematically investigated in the future. In addition, it is
desired that their mechanical properties are compared to those of CFSs and the other AFSs such as
dual-phase type M-Mn steels [52,80,81] and TWIP steels [7–10].

To further enhance the wear resistance and fatigue strength of the AFSs, a surface layer shell
hardened up to 60 HRC is needed [48,79]. Many engineers also want to know such mechanical
properties of case-hardened AFSs.

Finally, authors want to emphasize that the AFSs may be applied to not only automotive
powertrain and chassis parts but also the forging parts of other engineering structures such as
construction machinery, airplanes, marine machinery, etc. The applications will increase many fracture
strengths and resultantly bring about a great increase in reliability.
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Abstract: The effects of thermomechanical processing on the microstructure and hydrogen embrit-
tlement properties of ultrahigh-strength, low-alloy, transformation-induced plasticity (TRIP)-aided
bainitic ferrite (TBF) steels were investigated to apply to automobile forging parts such as engine and
drivetrain parts. The hydrogen embrittlement properties were evaluated by conducting conventional
tensile tests after hydrogen charging and constant load four-point bending tests with hydrogen
charging. The 0.4 mass%C-TBF steel achieved refinement of the microstructure, improved retained
austenite characteristics, and strengthening, owing to thermomechanical processing. This might
be attributed to dynamic and static recrystallizations during thermomechanical processing in TBF
steels. Moreover, the hydrogen embrittlement resistances were improved by the thermomechanical
processing in TBF steels. This might be caused by the refinement of the microstructure, an increase
in the stability of the retained austenite, and low hydrogen absorption of the thermomechanically
processed TBF steels.

Keywords: TRIP-aided bainitic ferrite steel; thermomechanical processing; hydrogen embrittlement;
retained austenite

1. Introduction

Ultrahigh-strength steel sheets with a tensile strength of 980 MPa and greater have
been applied to automobile structural parts to reduce the weights of vehicles and improve
collision safety [1]. Thus, in recent years, the mechanical properties and fracture morpholo-
gies of high-strength steels were positively investigated [2,3]. In ultrahigh-strength steel
sheets, low-alloy transformation-induced plasticity (TRIP)-aided steels [4,5] with a bainitic
ferrite matrix (TBF steels) [6] are expected to be the next-generation advanced high-strength
steels (AHSS), owing to their high strength associated with a relatively high dislocation
density in the matrix and excellent fatigue [7,8] and impact [9,10] properties due to the
TRIP effect of retained austenite. The conventional TBF steels were produced by annealing
at the austenite region and austempering treatment using cold-rolled steel sheets with
chemical compositions of low and medium carbon and an adequate amount of Si and Mn
to obtain a microstructure consisting of a bainitic ferrite matrix and retained austenite [6].
On the other hand, downsizing and weight reduction of automobile forging parts such as
the engine and drivetrain parts are also required. To resolve these requirements, the TBF

Metals 2022, 12, 269. https://doi.org/10.3390/met12020269 https://www.mdpi.com/journal/metals41



Metals 2022, 12, 269

steels are expected to be applied in automobile forging parts, because TBF steels possess
the abovementioned excellent properties.

The microstructure evolution of high-strength steels during hot and cold rolling and
cooling from an austenitizing temperature were investigated [11,12]. Zhao et al. [13]
reported that the refinement and strengthening of advanced high-strength steels were
achieved by thermomechanical processing. Sugimoto et al. [14] reported that the refined,
recrystallized ferrite in an annealed martensite matrix was obtained when hot forging was
conducted on the TRIP-aided annealed martensitic steel at an inter-critical annealing tem-
perature. Moreover, Sugimoto et al. [15–17] reported that strengthening, improved retained
austenite characteristics, and improved impact properties were achieved via hot and warm
forging of TBF steels. The authors listed in [18,19] reported the effects of hot and warm
forging on the microstructure evolution, retained austenite characteristics, and mechanical
properties of TRIP-aided martensitic (TM) steels and discussed those mechanisms.

On the other hand, hydrogen embrittlement [20,21], which reduces the ductility of
high-strength steels with a tensile strength of more than 980 MPa, also becomes a se-
rious problem, similar to conventional high-strength structural steels. Sojka et al. [22]
and Laureys et al. [23] reported that conventional TRIP-aided steels with a tensile strength
of 780 MPa were sensitive to hydrogen embrittlement, and fracture morphologies were
characterized. The authors [24,25] revealed the following three facts in hydrogen-charged
TBF steels. First, the hydrogen embrittlement susceptibility increased with a decreasing
strain rate. Second, a plastic strain of 3–10% decreased the hydrogen embrittlement sus-
ceptibility. Third, hydrogen-related cracks were initiated at the transformed martensite or
bainitic ferrite matrix and transformed martensite interfaces. Furthermore, the effects of the
alloying elements on the hydrogen embrittlement of TM steels were investigated, and the
addition of alloying elements such as Cr was found to improve the hydrogen embrittlement
resistance [26]. However, the hydrogen embrittlement behavior of thermomechanically
processed TBF steels has not yet been fully elucidated.

In this study, the hydrogen embrittlement resistance of hot-forged TBF steels was
evaluated using a tensile testing technique at a conventional strain rate and a constant load
four-point bending technique. The former shows that deformation induced transformation
of the retained austenite, unlike the latter. In addition, the effects of thermomechanical
processing on the microstructural evolution and hydrogen embrittlement properties of TBF
steels were investigated.

2. Materials and Methods

Hot-rolled steel bars with a diameter of 32 mm and with chemical compositions as
listed in Table 1 were prepared in this study. Hereafter, the steels with carbon contents
of 0.2, 0.3, and 0.4 mass% are named steels A, B, and C, respectively. The hot-forging
specimens with dimensions of 20 mm in height and 90 mm in length were machined from
these steel bars. Hot-forged steels A, B and C were produced via annealing at 930 ◦C
for 1200 s, followed by one-step forging at a 50% reduction ratio (R) using a 500-ton
press machine (Hydraulic press, Amino Corporation, Fujinomiya, Japan) and subsequent
austempering at 350 ◦C for 1000 s using hot-forging specimens, as depicted in Figure 1.
Conventional TBF steels that did not undergo hot forging were produced with R = 0% via
annealing at 930 ◦C for 1200 s, followed by austempering at 350 ◦C for 1000 s to compare
the effect of thermomechanical processing. Tensile, four-point bending, microstructure
observation, and X-ray diffraction specimens were cut from the hot-forged and heat-treated
specimens parallel to the rolling direction at a quarter region in the thickness direction of
the hot-forged samples.

The microstructure was observed and analyzed using a scanning electron microscope
(SEM Merlin, Zeiss, Oberkochen, Germany) equipped with an electron backscatter diffrac-
tion (EBSD) system (OIM Data Collection, OIM-Analysis, TSL solutions, Sagamihara, Japan)
operated at an accelerated voltage of 20 kV. The EBSD analyses were conducted in an area of
60 μm × 30 μm with a step size of 0.1 μm. The samples for microstructure observation were
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ground by waterproof papers of #320 and #600 and were polished using polycrystalline
diamond slurries of 9 and 3 μm for the particle size and colloidal silica, respectively.

Table 1. Chemical compositions (mass%) of steels.

Steels C Si Mn P S Al Nb Ti B O N

A 0.20 1.52 1.50 0.004 0.0021 0.039 0.05 0.02 0.0018 0.001 0.0011

B 0.28 1.51 1.52 <0.005 0.0011 0.041 0.051 0.02 0.0016 0.001 0.0012

C 0.42 1.50 1.51 <0.005 0.0009 0.043 0.05 0.02 0.0018 0.0019 0.0035

Figure 1. Thermomechanical processing and heat treatment diagrams of steels A, B and C. R repre-
sents reduction ratio. W. Q. indicates water quenching.

The retained austenite characteristics of hot-forged steels A, B, and C were analyzed
by the X-ray diffraction (XRD) method using an X-ray diffractometer (Rigaku Co. Ltd.,
RINT2000, Tokyo, Japan). The volume fraction of the retained austenite (fγ) was quanti-
fied by the integral intensities of α-Fe(200), α-Fe(211), γ-Fe(200), γ-Fe(220), and γ-Fe(311)
diffraction peaks obtained using CuKα radiation. The carbon concentration in the retained
austenite (Cγ) was estimated using Equation (1) [27] from the average lattice parameter
(aγ (× 10−10 m)), which was measured from the γ-Fe(200), γ-Fe(220), and γ-Fe(311) diffrac-
tion peaks of the CuKα radiation:

aγ = 3.5780 + 0.0330Cγ + 0.00095Mnγ + 0.0056Alγ + 0.0220Nγ + 0.0051Nbγ

+ 0.0031Moγ + 0.0039Tiγ,
(1)

where Mnγ, Alγ, Nγ, Nbγ, Moγ, and Tiγ represent the concentrations of the respective
individual elements (mass%) in the retained austenite. In this study, the contents of the
added alloying elements were substituted for these concentrations.

Tensile tests were carried out with a tensile testing machine (AG-X plus 100 kN, Shi-
madzu Co. Ltd., Kyoto, Japan) at a crosshead speed of 1 mm/min (i.e., an initial strain rate
of 8.33 × 10−4 /s) at 25 ◦C with and without hydrogen using tensile specimens with di-
mensions of 15 mm in gauge length, 6 mm in wide, and 1.2 mm in thickness. The hydrogen
embrittlement properties were evaluated by hydrogen embrittlement susceptibility (HES),
which was calculated using Equation (2) [24,28].

HES = (1 − ε1 /ε0) × 100%, (2)

where ε0 and ε1 denote the total elongation without and with hydrogen, respectively.
Hydrogen charging to the tensile specimens was conducted via cathodic charging using
a 3 mass% NaCl (Sodium Chloride, FUJIFILM Wako Pure Chemical Co. Ltd., Osaka, Japan)
aqueous solution containing 5 g/L NH4SCN (Ammonium Thiocyanate, FUJIFILM Wako
Pure Chemical Co. Ltd., Osaka, Japan) at a current density of 10 A/m2 at 25 ◦C for 48 h
before conducting the tensile tests.
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Constant load tests were conducted by means of 4-point bending tests using a rect-
angular specimen with dimensions of 65 mm in length, 10 mm in wide, and 1.2 in mm
thickness with hydrogen charging in a 0.5 mol/L H2SO4 (Sulfuric Acid, FUJIFILM Wako
Pure Chemical Co. Ltd., Osaka, Japan) + 0.01 mol/L NH4SCN (Ammonium Thiocyanate,
FUJIFILM Wako Pure Chemical Co. Ltd., Osaka, Japan) solution at 25 ◦C and a current
density of 500 A/m2. The hydrogen embrittlement properties evaluated by the four-point
bending tests were defined by the delayed fracture strength (DFS), which was the maximum
bending stress without failure for 5 h in the specimen.

The hydrogen concentrations in steels A, B, and C were measured by hydrogen thermal
desorption analysis (TDA) using gas chromatography. The samples which were charged
with hydrogen under the same charging condition as that of the tensile tests were heated
between the ambient temperature and 300 ◦C at a heating rate of 200 ◦C/h. The diffusible
hydrogen concentration was defined as the total hydrogen concentration desorbed between
the ambient temperature and 150 ◦C. After hydrogen charging, the samples were immedi-
ately kept in liquid nitrogen to prevent hydrogen desorption. The samples picked up from
the cryogenic temperature were rinsed by ultrasonic cleaning using acetone before TDA.
The intervals between picking up the sample and the start of TDA were approximately
15 min.

3. Results

3.1. Microstructure and Tensile Properties

Figure 2 depicts the inverse pole figure (IPF) and phase maps analyzed by EBSD in
steels A, B, and C with and without hot forging. In conventional steels A, B, and C without
thermomechanical processing, the microstructure of steel A with 0.2 mass%C consisted
of a coarse bainitic ferrite matrix and retained austenite, which was located at the packet,
block, and lath boundaries. In steels B and C, which exhibited higher carbon contents,
the microstructure was characterized as a fine and uniform lath bainitic ferrite matrix
and film-type retained austenite located between the packet, block, and lath boundaries.
On the other hand, when steels A, B, and C were subjected to thermomechanical processing,
the microstructure of steel A was changed to fine ferrite grains with a grain diameter of
approximately 10 μm, fine granular retained austenite, and a small amount of bainitic
ferrite. In steel B with a carbon content of 0.3 mass%, the fine granular ferrite and bainitic
ferrite lath coexisted as a matrix, and fine granular retained austenite was observed at the
prior austenitic grain, block, and packet boundaries. In addition, prior austenitic grain
refinement and shortened bainitic ferrite laths were achieved, and consequently, a fine
and uniform microstructure was achieved by thermomechanical processing in steel C with
a carbon content of 0.4 mass%. The film-type retained austenite was located between the
shortened bainitic ferrite lath, whereas fine granular retained austenite existed at the fine
prior austenitic grain boundaries.

Table 2 lists the retained austenite characteristics and tensile properties of the con-
ventional and hot-forged steels A, B, and C. The initial volume fraction (fγ0) and initial
carbon concentration (Cγ0) in the retained austenite of conventional steels A, B, and C were
9.1–17.6 vol% and 0.74–1.22 mass%, respectively, and these increased with the increasing
carbon content. The fγ0 slightly decreased, and Cγ0 increased in steel A due to the thermo-
mechanical processing. The fγ0 increased and Cγ0 decreased in steels B and C because of
the thermomechanical processing.
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Figure 2. (a,c,e,g,i,k) Inverse pole figure (IPF) and (b,d,f,h,j,l) phase maps of steels (a,b,g,h) A,
(c,d,i,j) B, and (e,f,k,l) C (a–f) without and (g–l) with hot forging. R represents reduction ratio. BCC
and FCC denote body-centered-cubic and face-centered-cubic, respectively.

Table 2. Tensile properties, retained austenite characteristics, and prior austenitic grain sizes of steels
A, B and C.

Steels R TS YS YR TEl UEl RA TS ×
TEl HES fγ0 Cγ0 d

A 0
50

748
837

528
500

0.71
0.60

32.6
25.4

21.4
21.5

39.9
36.2

24.4
21.3

9.8
26.4

9.1
8.9

0.74
0.98

10.7
7.4

B 0
50

950
959

749
559

0.79
0.58

33.2
26.8

22.5
21.8

38.7
32.0

31.5
25.7

48.2
34.3

14.1
14.3

1.09
0.82

12.8
7.0

C 0
50

1097
1122

937
788

0.86
0.71

31.9
27.6

24.4
24.1

44.7
32.2

35.0
31.0

85.3
68.5

17.6
21.1

1.22
1.01

16.3
7.3

R (%): reduction ratio, TS (MPa): tensile strength, YS (MPa): yield strength, YR: yield ratio, TEl (%): total
elongation, UEl (%): uniform elongation, RA (%): reduction in area, TS×TEl (GPa%): strength-ductility balance,
HES (%): hydrogen embrittlement susceptibility, fγ0 (vol%): initial volume fraction of retained austenite, Cγ0
(mass%): initial carbon concentration in retained austenite, d (μm): prior austenitic grain diameter.

Figure 3 depicts the nominal stress–strain curves of the conventional and hot-forged
steels A, B, and C without and with hydrogen charging. The tensile properties are shown in
Table 2 and Figure 4. The tensile strengths of steels A, B, and C without hydrogen increased
from 748 to 837 MPa, from 950 to 959 MPa, and from 1097 to 1122 MPa, respectively,
whereas the yield strength decreased from 528 to 500 MPa, from 749 to 559 MPa, and from
937 to 788 MPa, respectively, owing to thermomechanical processing. In addition, thermo-
mechanical processing decreased the total elongation from 32.6 to 25.4%, from 33.2 to 26.8%,
and from 31.9 to 27.6%, which corresponded to the reduction ratio in the TEl of 22.1%,
19.3%, and 13.5% in steels A, B, and C, respectively, although the uniform elongations
of steels A, B, and C without hydrogen were hardly changed via hot forging, and those
reduction ratios were −0.5%, 3.1%, and 1.2%, respectively.
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Figure 3. Nominal stress–strain curves of (a,b,c) conventional and (d,e,f) hot-forged steels (a,d) A,
(b,e) B, and (c,f) C with and without hydrogen. R represents reduction ratio.

Figure 4. Variations in (a,b) tensile strength (TS), yield strength (YS), (c,d) total elongation (TEl),
and uniform elongation (UEl) as a function of carbon content in conventional and hot-forged steels A,
B, and C (a,c) without and (b,d) with hydrogen. R represents reduction ratio.

3.2. Hydrogen Embrittlement Properties Evaluated by Tensile Tests

As depicted in Figure 3, steels A, B, and C exhibited a reduction in the total elonga-
tion (fracture elongation) due to hydrogen absorption, although the stress–strain response
before the fracture hardly changed. The decrease in the total elongation increased with
the increasing carbon content in steels A, B, and C. It should be noted that the tendencies
of hydrogen-induced mechanical degradation were similar in both the conventional and
thermomechanically processed steels A, B, and C. The typical fracture surfaces of the
conventional and hot-forged steels A, B, and C with and without hydrogen are depicted
in Figure 5. In the steels without thermomechanical processing without hydrogen, dim-
ples with diameters of approximately 1–5 μm appeared on the fracture surfaces of steels
A and B, whereas dimples with area fractions of approximately 5.5% and a quasi-cleavage
fracture with that of approximately 94.5% coexisted on the typical fracture surface of steel
C. When the conventional steels were charged with hydrogen, the fracture surface of steel
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A possessed a mixture of dimples which exhibited dimple diameters of approximately
2–10 μm with area fractions of approximately 23.8% and a quasi-cleavage fracture with that
of approximately 76.2%, and those of steels B and C were changed to quasi-cleavage frac-
tures. On the other hand, when the steels were subjected to thermomechanical processing,
the fracture surface of steel A with hydrogen charging changed from dimples with diame-
ters of approximately 1.5–6 μm to a mixture of dimples with diameters of approximately
2–4 μm and a quasi-cleavage fracture which possessed area fractions of the dimples of 5.3%
and quasi-cleavage of 94.7% in the typical fracture surface. On the other hand, steels B and
C exhibited fracture surfaces of a mixture of dimples and quasi-cleavage, regardless of the
presence of hydrogen.

Figure 5. Fracture surfaces of (a–f) conventional and (g–l) hot-forged steels (a,d,g,j) A, (b,e,h,k) B, and
(c,f,i,l) C (d-f,j-l)with and (a–c,g-i) without hydrogen after tensile tests. R represents reduction ratio.

Figure 6 depicts the relationships between hydrogen embrittlement susceptibility
(HES) and tensile strength (TS) and yield strength (YS) in steels A, B and C. The HES
increased with increasing TS in steels A, B, and C. The thermomechanical processing
increased the HES of steel A, whereas the HES decreased when steels B and C were
subjected to hot forging.
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Figure 6. Variations in hydrogen embrittlement susceptibility (HES) as functions of (a) yield strength
(YS) and (b) tensile strength (TS) in conventional and hot-forged steels A, B, and C. R represents
reduction ratio.

Figure 7 depicts the hydrogen desorption curves of the conventional and hot-forged
steels A, B, and C. The diffusible hydrogen concentrations obtained from the hydrogen
desorption curves in steels A, B, and C are listed in Table 3. It was confirmed that the
hydrogen in steels A, B, and C was desorbed between the ambient temperature and
approximately 150 ◦C, and the height of the hydrogen desorption peak increased and its
temperature slightly shifted to a higher temperature with an increasing carbon content.
The height of the hydrogen desorption peak slightly decreased, and the corresponding
diffusible hydrogen concentrations of steels B and C were deduced, although the hydrogen
desorption peak temperature did not vary, owing to the thermomechanical processing.

Figure 7. Hydrogen desorption curves of conventional and hot-forged steels A, B, and C charged
with hydrogen by a 3% NaCl + 5 g/L NH4SCN solution at a current density of 10 A/m2 for 48 h.
R represents reduction ratio.

Table 3. Hydrogen concentration (HC) of conventional and hot-forged steels A, B, and C. R represents
reduction ratio.

Steel R (%) HC (Mass ppm)

A 0
50

1.36
1.21

B 0
50

2.03
1.64

C 0
50

3.41
3.38
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3.3. Hydrogen Embrittlement Properties Evaluated by Four-Point Bending Tests

Figure 8 depicts the applied stress–time to fracture (σA-tf) curves evaluated by the
four-point bending tests of the conventional and hot-forged steels A, B, and C. Hydrogen
embrittlement did not occur both in steel A with or without thermomechanical processing
and in thermomechanically-processed steel B after undergoing four-point bending tests
for 5 h. Meanwhile, hydrogen embrittlement occurred in the other steels during the four-
point bending tests, and tf increased with decreasing σA. Figure 9 depicts the relationship
between DFS and TS in the conventional and thermomechanically-processed steels A, B,
and C. The DFS of steels B and C, which possessed high carbon contents when compared
with steel A, improved, owing to the thermomechanical processing. The fracture surfaces
of steels B and C after undergoing four-point bending tests are depicted in Figure 10.
A quasi-cleavage fracture was observed in the vicinity of the surface of the specimen, where
hydrogen embrittlement cracks were initiated in all fractured steels. The fracture surface
near the center of the specimen in the thickness direction showed a quasi-cleavage fracture
containing flat regions in which facet sizes of 14.1 μm for steel B without thermomechanical
processing, 16.4 μm for steel C without thermomechanical processing, and 11.1 μm for steel
C with hot forging were similar to the prior austeniti grain or packet sizes of 12.8 μm for steel
B without thermomechanical processing, 16.3 μm for steel C without thermomechanical
processing, and 7.3 μm for steel C with hot forging, respectively.

Figure 8. Applied stress–time to fracture (σA–tf) curves of conventional and hot-forged steels A, B,
and C. R represents reduction ratio.

Figure 9. Relationship between delayed fracture strength (DFS) and tensile strength (TS) of conven-
tional and hot-forged steels A, B, and C. R represents reduction ratio.
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Figure 10. Fracture surfaces of (a,b) conventional steel B and (c,d) conventional and (e,f) hot-forged
steel C after four-point bending tests, in which arrows represent crack initiation region. R represents
reduction ratio.

4. Discussion

4.1. Effects of Thermomechanical Processing on Microstructure Evolution and Mechanical Properties

The microstructure of steel A consisted of fine ferrite grains and a small amount of
bainitic ferrite as a matrix and fine granular retained austenite as a second phase, owing
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to the thermomechanical processing. The microstructural change during the thermome-
chanical processing of steel A is illustrated in Figure 11. In steel A without hot forging,
austenite grains with a diameter of approximately 15–20 μm were obtained during an-
nealing, and prior austenitic grains remained after the bainite transformation (Figure 11b).
When steel A was subjected to thermomechanical processing, fine austenite grains were
formed, owing to the dynamic or static recrystallizations at the deformation band in the
deformed grain and the piled-up dislocations. A large amount of austenite transformed to
ferrite during rapid cooling between the austenite region and austempering temperatures
(Figure 11c), and bainite transformation of untransformed austenite might occur during
austempering because ferrite and bainite transformations are accelerated when compared
with conventional heat treatment without hot forging [29,30] (Figure 11e). As a result, steel
A exhibited a fine ferrite matrix, retained austenite, and a small amount of bainitic ferrite
(Figure 11d). On the other hand, Figure 12 depicts an illustration of the microstructure
evolution mechanism of steel C with thermomechanical processing. In steel C, because
the dynamic and static recrystallizations occurred during hot forging, fine austenite grains
were newly formed in the deformed austenite in the same way as that in the case of steel A
(Figure 12c). However, the transformation to ferrite might have rarely occurred because of
the high carbon content of 0.4 mass%, although the ferrite transformation was accelerated.
The bainite transformation of a large amount of fine austenite occurred during austem-
pering treatment, and the microstructure of hot-forged steel C was composed of a bainitic
ferrite matrix with fine block, packet, and lath structures and a large amount of film-type
and granular-type retained austenite (Figure 12d).

Figure 11. Illustrations of microstructure evolution behavior of hot-forged steel A. (a) Austenite at
annealing temperature, (b) final microstructure of conventional TBF steel, (c) microstructure after hot
forging, (d) final microstructure of hot-forged TBF steel, (e) TTT diagram, respectively. R represents
reduction ratio. α, αb, αbf, γ, and γR denote ferrite, bainite, bainitic ferrite, austenite, and retained
austenite, respectively. The TTT diagram (e) is the time transition temperature diagram.
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Figure 12. Illustrations of microstructure evolution behavior of hot-forged steel C. (a) Austenite at
annealing temperature, (b) final microstructure of conventional TBF steel, (c) microstructure after hot
forging, (d) final microstructure of hot-forged TBF steel, (e) TTT diagram, respectively. R represents
reduction ratio. α, αb, αbf, γ, and γR denote ferrite, bainite, bainitic ferrite, austenite, and retained
austenite, respectively. The TTT diagram (e) is the time transition temperature diagram.

The yield strength decreased, whereas the tensile strength increased when thermo-
mechanical processing was applied to steels A, B, and C. Moreover, the total elongation
decreased, although the uniform elongation hardly changed in steels A, B, and C due to hot
forging. As mentioned above, the microstructure of steels A, B, and C possessed fine prior
austenitic grain, block, packet, and lath structures, owing to thermomechanical processing.
The refinement of the microstructure (i.e., decrease in the grain size) increased the yield
strength of the steels according to the Hall–Petch relationship [31,32]. However, it was
considered that the yield strength of thermomechanically processed steels A, B, and C
decreased because of the formation of ferrite and the premature transformation of block-
type retained austenite. In addition, the increase in the tensile strength might have been
achieved by the transformation of a large amount of retained austenite at the early stage of
plastic deformation, because the volume fraction of the retained austenite increased, and the
carbon concentration in the retained austenite decreased, owing to the thermomechanical
processing of steels A, B, and C. Moreover, the local deformation capacity might have
deteriorated due to the promotion of void initiation at the bainitic ferrite or ferrite matrix
and transformed martensite interfaces in the same way as the ferrite-martensite dual-phase
steels, because the morphology of the retained austenite varied from filmy to granular,
owing to the thermomechanical processing in steels A, B, and C, and the martensite that
transformed from block-type retained austenite acted as a hard phase.

4.2. Improvement of Hydrogen Embrittlement Properties by Thermomechanical Processing

Steel C showed a decrease in the hydrogen embrittlement susceptibility evaluated
by a tensile test and increased the delayed fracture strength evaluated by a four-point
bending test, owing to thermomechanical processing, whereas steel A exhibited low hydro-
gen embrittlement susceptibility and no failure in the four-point bending test, regardless
of thermomechanical processing. In general, the hydrogen embrittlement properties of
steels A, B, and C with hot forging might be affected by the following factors: variation
in the (1) microstructure, (2) characteristics and morphologies of the retained austenite,
and (3) hydrogen concentration. For (1) the change in the microstructure owing to ther-
momechanical processing, it is known that the hydrogen embrittlement properties of
high-strength steels are improved by the refinement of the grain size and microstructure.
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Zan et al. [33] and Koyama et al. [34] have reported that the hydrogen embrittlement
behaviors of the Fe-22Mn-0.6C TWIP steel and the CoCrFeMnNi high-entropy alloy with
different grain sizes were investigated, and excellent hydrogen embrittlement resistances
were obtained with smaller grain sizes. The grain refinement and the presence of the
packet and block as substructures increased the hydrogen embrittlement resistance because
of the reduction of the intergranular or quasi-cleavage facet sizes of the fracture surface.
Moreover, the refinement of the grain, packet, and block increased the area of the bound-
aries. When absorbed hydrogen is diffused and trapped at those boundaries, cracking is
unlikely to occur because of the decrease in the hydrogen concentration at those boundaries
in the steel with fine grains when compared with that with coarse grains. In steels A, B,
and C, the refinement of prior austenitic grain, packet, and block sizes was achieved by
thermomechanical processing. In particular, steel C possessed a fine bainitic ferrite matrix.
Therefore, low hydrogen embrittlement susceptibility and high delayed fracture strength
can be achieved by thermomechanical processing. Considering (2) the characteristics and
morphologies of retained austenite, it is known that the hydrogen absorption capacity of
retained austenite, which is a face-centered cubic (fcc), is higher than that of ferrite with
a body-centered cubic (bcc) [35,36]. Thus, hydrogen embrittlement resistance decreased
because the cracks were preferentially initiated at the transformed martensite, where hy-
drogen was supersaturated, and at the bainitic ferrite matrix and transformed martensite
interfaces, where hydrogen was diffused and trapped during tensile deformation accompa-
nied with martensitic transformation of the retained austenite. Moreover, it is considered
that crack initiation and propagation are accelerated by the premature transformation of
retained austenite, which exhibits low stability [37,38]. Thus, the mechanical stability of the
retained austenite is considered important for determining the hydrogen embrittlement
properties of the steels. It has been reported that the martensitic transformation behavior
of retained austenite is affected by the retained austenite morphologies (blocky or filmy
types) [39,40] and the surrounding matrix [39–41]. Figure 13 depicts the relationship be-
tween the hydrogen embrittlement susceptibility (HES) obtained by tensile tests and the
retained austenite characteristics in steels A, B, and C. The HES tends to increase with
an increasing initial volume fraction, initial carbon concentration, and initial total carbon
content of the retained austenite. It should be noted that the change in the HES might be
attributed to the difference in the strength level, resulting from the additive carbon content
of the steels. Although the HES of steels B and C, which exhibited high volume fractions
of retained austenite, were decreased by thermomechanical processing, the effects of the
carbon concentration and total carbon content of the retained austenite on the HES were
small. It was considered that the HES of steels B and C with thermomechanical processing
was decreased because of the increase in the stability of the retained austenite, owing to its
morphology (i.e., fine and film-type retained austenite), the suppression of deformation-
induced transformation of the retained austenite, and the corresponding suppressions
of crack initiation and propagation, as steels B and C possessed a refined microstructure
consisting of fine bainitic ferrite lath structure and fine retained austenite located at the
lath boundaries. For (3) the hydrogen concentration, the thermomechanically processed
steels A, B, and C possessed a slightly lower hydrogen concentration than conventional
steels A, B, and C (Figure 7). It is known that hydrogen absorbed in the steels is trapped at
dislocations [42], grain boundaries, lath and packet boundaries [43], and matrix–carbide
interfaces [44]. Moreover, austenite of the fcc phase exhibits a high hydrogen absorption ca-
pacity when compared with ferrite, bainitic ferrite, and martensite of the bcc phases [35,36].
Figure 14 depicts the relationship between the diffusible hydrogen concentration (HC) and
volume fraction of retained austenite (fγ0) in steels A, B, and C. The HC increased with
an increase in fγ0. However, the HC of thermomechanically processed steels A, B, and
C tended to be lower than those of conventional steels A, B, and C. The increase in the
diffusible hydrogen concentration in steels A, B, and C with high additive carbon content
is attributed to the increase in the hydrogen trapping sites, such as the retained austenite,
which increased with an increasing additive carbon content and the refined bainitic ferrite
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matrix. On the other hand, it is considered that the decrease in the HC in steels A, B, and C
with thermomechanical processing was attributed to the decrease in the dislocations in the
bainitic ferrite matrix due to the promotion of dynamic and/or static recrystallizations dur-
ing the hot forging and nucleation of ferrite in the matrix, although the hydrogen trapping
sites such as refined prior austenitic grain, packet, and block boundaries and the amount
of retained austenite increased. Generally, hydrogen embrittlement may occur because
hydrogen is accumulated at the prior austenitic grain, packet, and lath boundaries because
of the multiplication and movement of dislocations and the stress-assisted diffusion [45,46]
of hydrogen during tensile tests with hydrogen. It can be concluded that the hydrogen
embrittlement properties of steels B and C were improved by thermomechanical processing,
because the hydrogen concentration at crack initiation sites such as the prior austenitic
grain, packet, and block boundaries might not have increased, owing to the refinement of
the microstructure.

Figure 13. Variations in hydrogen embrittlement susceptibility (HES) as functions of (a) initial
volume fraction (fγ0), (b) initial carbon concentration (Cγ0), and (c) total carbon content (fγ0 × Cγ0)
in retained austenite in steels A, B, and C. R represents reduction ratio.

Figure 14. Variations in diffusible hydrogen concentration (HC) as a function of initial volume fraction
of retained austenite (fγ0) in steels A, B, and C. R represents reduction ratio.

4.3. Evaluation of Hydrogen Embrittlement Properties by Tensile Tests and Four-Point Bending Tests

In this study, the hydrogen embrittlement properties of thermomechanically processed
steels A, B, and C were evaluated using the tensile test and four-point bending test meth-
ods. In both the tensile and four-point bending tests, it was clarified that the hydrogen
embrittlement resistances of steels B and C were improved by thermomechanical process-
ing. In particular, an obvious improvement in the hydrogen embrittlement properties
evaluated by the four-point bending tests was obtained, compared with that evaluated
by the tensile tests (Figures 6 and 9). As mentioned above, the hydrogen embrittlement
resistances of steels A, B, and C might have decreased because a large amount of hydrogen,
which was desorbed from transformed martensite, accumulated in the martensite or at the
matrix–martensite interfaces, and the crack initiation was accelerated during the tensile
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tests. Therefore, obvious high hydrogen embrittlement resistances of steels A, B, and C
with thermomechanical processing might not have been obtained in the tensile testing
results. On the other hand, in the four-point bending tests, the transformation of retained
austenite rarely occurred, owing to the constant loading without plastic deformation and
the relatively high stability of the retained austenite, although there was a possibility that
the retained austenite with low stability transformed to martensite during the four-point
bending tests before hydrogen charging. Consequently, although the hydrogen embrit-
tlement resistance evaluated by the tensile test deteriorated, a significant increase in the
delayed fracture strength evaluated by the four-point bending test in thermomechanically
processed steels B and C could be achieved. It is considered that in service conditions,
the plastic deformation and deformation-induced martensitic transformation of retained
austenite do not occur because the constant load or cyclic load below the yield strength
are applied to the ultrahigh-strength steels in the automobile forging parts. Therefore, it is
suggested that the four-point bending test method is more reasonable for accurately evalu-
ating the hydrogen embrittlement properties than the tensile testing method for steels A, B,
and C, which undergo martensitic transformation of the retained austenite accompanied
by plastic deformation. However, the hydrogen embrittlement resistances of steels B and C
with thermomechanical processing improved regardless of the evaluation methods of both
the tensile and four-point bending test methods.

5. Conclusions

The effects of thermomechanical processing on the hydrogen embrittlement properties
of steels A, B, and C were investigated by means of tensile test and four-point bending
constant load test to apply the TBF steels to automobile forging parts. The results are
summarized as follows:

(1) The microstructures of steels A, B, and C without thermomechanical processing
consisted of a bainitic ferrite matrix and retained austenite. On the other hand, the mi-
crostructure of steel A was characterized by a fine polygonal ferrite matrix, a bainitic ferrite,
and fine retained austenite, whereas the microstructure of steel C consisted of a refined
bainitic ferrite matrix with refined prior austenitic grains, packets, blocks, and laths, and
blocky and filmy retained austenite when the steels were subjected to thermomechanical
processing. These microstructural changes in steels A, B, and C, owing to thermomechani-
cal processing, were attributed to the promotion of the dynamic and static recrystallizations
of austenite grains during hot forging after annealing at the austenite region.

(2) In steels A, B, and C without hydrogen, the tensile strength increased from 748 to
837 MPa, from 950 to 959 MPa, and from 1097 to 1122 MPa, respectively, whereas the yield
strength decreased from 528 to 500 MPa, from 749 to 559 MPa, and from 937 to 788 MPa,
respectively, by thermomechanical processing. On the other hand, the thermomechanical
processing decreased the total elongation from 32.6 to 25.4%, from 33.2 to 26.8%, and from
31.9 to 27.6% in steels A, B, and C, respectively, although the uniform elongation hardly
changed from 21.4 to 21.5%, from 22.5 to 21.8%, and from 24.4 to 24.1% in steels A, B, and
C, respectively.

(3) The hydrogen embrittlement susceptibility evaluated by tensile tests decreased, and
the delayed fracture strength evaluated by the four-point bending tests increased because
of thermomechanical processing in steels B and C, whereas the hydrogen embrittlement
susceptibility slightly increased in hot-forged steel A.

(4) It is considered that the improvements in the hydrogen embrittlement resistances of
steels B and C, owing to thermomechanical processing, were attributed to the suppression
of the crack initiations at the prior austenitic grain, bainitic ferrite lath, packet, and block
boundaries because of the refined microstructure, improvement of the stability of retained
austenite, and decrease in the absorbed diffusible hydrogen concentration.
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Abstract: Three air-hardening forging steels are presented, concerning their microstructure and their
mechanical properties. The materials have been produced industrially and achieve either bainitic
or martensitic microstructures by air-cooling directly from the forging heat. The bainitic steels are
rather conservative steel concepts with an overall alloy concentration of approximately 3 wt.%, while
the martensitic concept is alloyed with 4 wt.% manganese (and additional elements), and therefore
belongs to the recently developed steel class of medium manganese steels. The presented materials
achieve high strengths (YS: 720 MPa to 850 MPa, UTS: 1055 MPa to 1350 MPa), good elongations (Au:
4.0% to 5.9%, At: 12.3% to 14.9%), and impact toughnesses (up to 37 J) in the air-hardened condition.
It is shown that air-hardened steels achieve properties close to standard Q + T steels, while being
produced with a significantly reduced heat treatment.

Keywords: high-strength steels; forging; air-cooling; mechanical properties; microstructure

1. Introduction

Quenching and tempering steels (Q + T) are widely used in the forging industry if the
produced component requires high strength as well as high toughness. This property balance is
achieved by a three-stepped heat treatment of austenization, quenching, and tempering, which
transforms the brittle as-quenched martensite into a technical usable tempered material, but the
long heat treatment procedure introduces high costs and CO2 emissions. Additionally,
the quenching results in distortion of the forged components which can lead to extensive
machining adding additional cost (and CO2-emissions) to the final product. To address
this issue, different steel concepts have been developed in the past, trying to achieve the
properties of Q + T steels by air-cooling from the forging heat [1]. Precipitation-hardening
ferritic pearlitic steels (PHFP) were the first attempt to achieve this goal and are already
widely used in the industry, but the properties of Q + T steels stay unreached [1]. The PHFP-
steels were succeeded by different grades of bainitic steels, which achieve higher ductilities
and impact toughness by strain-induced martensite formation of retained austenite [2].
Additions of molybdenum and chromium have been succesfully used to further increase
the impact toughness and the strength of these materials [3]. The latter even increased
the resistance against hydrogen embrittlement [4]; however, these concepts are limited to
components with thin wall thicknesses, as the temperature must be controlled precisely
to obtain the necessary complex microstructure of bainite and retained austenite. Several
concepts for hot forging have been developed based on the material group of advanced
high-strength steels (AHSS) of the third generation. This concepts contain isothermal
transformation processes after hot forging, to improve the mechanical properties [5].

Besides the PHFP-steels, different steel concepts have been developed [1] which form
bainitic [2,6] or martensitic microstructures [7] after air-cooling. The use of bainitic mi-
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crostructures is limited to components with small wall thicknesses. The reason for this
is the different local cooling paths of large components (difference between edge and
core) [2,6], which can lead to different microstructures and thus to a gradient in the mechan-
ical properties. In particular, reheating due to bainitic phase transformation affects the local
time–temperature profiles. Therefore, air-hardening martensitic steels are more promising
for forging components with large cross sections, as the martensitic transformation is an
athermal process and the process window for cooling with similar mechanical properties
is wider. These air-hardening concepts show static and cyclic properties comparable to,
or even higher than, Q + T steels, which has already been proven on a laboratory [8] and an
industrial scale [7,9]. However, a broad application is prevented so far by a lack of available
data of industrial trials.

Con-rods, used in engines of different kinds, are standard die-forging products, as they
combine the need for a high-strength steel and are produced in large quantities. Con-rods were
originally produced from Q + T steels but, due to the abovementionend reasons, the focus
shifted to PHFP steels [10]. Due to the direct influence of the con-rods on the fuel consumption,
different studies on the lightweighting potential [11,12] or the general performance [13,14] were
carried out in the past. Besides die-forging, sinter die forging of con-rods has been investigated
as an alternative process. However, it was demonstrated that the die-forged steels have a much
higher fatigue resistance than the sinter components, which prohibited the broad application of
this elaborate process [13]. As con-rods are produced by fracture-splitting [15–17], the fracture
behaviour of steels for this application needs to be investigated. Contrary to other applications,
the material needs to split in a brittle manner, as ductile deformation might lead to quality
issues [17,18] or completely prevent the splitting process.

The aim of this study is to investigate the usability of recently developed air-hardening
steels for forged con-rod application. For this matter, two optimized bainitic steel grades
(35MnCrB6-4 and 19MnCrMo7-6, consecutively called B1 and B2) and a recently developed
martensitic concept (consecutively called M) were industrially produced and forged into
semifinished con-rods, which have been characterized concerning their microstructure
and their mechanical properties. It is demonstrated that these steels reach mechanical
properties which fit the requirements of specific applications, in this case con-rods, while
being produced with a reduced heat treatment in comparison to standard quench and
tempering steels. Contrary to the majority of studies available, the presented results are
obtained from industrial manufactured components. Therefore, this study demonstrates
the efforts of the forging industry to reduce the CO2-equivalent of steel products.

2. Materials and Methods

The investigated materials were industrially produced at Lech-Stahlwerke GmbH (alloys
35MnCrB6-4 ‘B1’ and 19MnCrMo7-6 ‘B2’, commercially available steel grades) and at BGH
Edelstahl Siegen GmbH (alloy 15MnSi16-2 “M”, produced during the research project “IGF
27 EWN” [9]). The chemical compositions are displayed in Table 1. The steels B1 and B2
were melted in an electric arc furnace (EAF) with a charge weight of 85 t. After a vacuum
treatment, the steels were continuously casted in a bow-type continuous caster with a casting
format of 240 × 240 mm2. Steel M1 was melted in an EAF as well, but consecutive to the
vacuum treatment casted via ingot casting. The charge weight was 50 t, with each ingot
weighing 3.3 t. The ingots had a conical casting format with a diameter from 420 mm to
520 mm. After the casting, all steel grades were hot-rolled to a format of 130 × 130 mm2

with a rolling temperature between 1220 and 1250 °C. Prior to the forging, all steels were
heated to 1250 °C. Die forging was performed approximately 15 s after the reheating, with a
material surface temperature of 1200 °C. After the forging, the components were air-cooled
to room temperature on a conveyer belt. No artificial air flow was created; the components
were cooled in resting air. The forging and the consecutive heat treatment was performed
at Frauenthal Powertrain GmbH & Co. KG. The semifinished products have a thickness
between 22 mm to 28 mm, a length of 220 mm, and a width between 40 mm to 80 mm,
as displayed in Figure 1. The martensitic components (produced from steel M) were
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additionally batch-annealed at 450 °C for 2 h (this state is consecutively called “M + ba”).
The samples for microstructure investigation were mechanically grinded and polished
with diamond slurry. Consecutively, the samples were etched with either Nital etchant for
general analyses or Picric etchant for the determination of the prior austenite grain size.
The prior austenite grain size was determined by the line intercept method. For each steel,
at least 300 grains were measured. Scanning electron microscopy (SEM) experiments were
performed on aZeiss Sigma SEM, using multiple detectors and parameters. Tensile tests
were performed on cylindric specimens with a diameter of 5 mm and a gauge length of
25 mm with a constant strain rate of 0.008 s−1 using an ZwickRoell Z100. Instrumented
Charpy V-notch samples were tested at room temperature using a 300 J hammer, produced
by Losenhausenwerk AG. Vickers hardness measurements [19] were performed on an
Instron Wolpert Dia Testor using a testing force of 294.2 N (HV30).

Table 1. Chemical compositions of the investigated steels determined by spark spectral analysis.
The steels of type 35MnCrB6-4 (modified 33MnCrB5-2/1.7185), 19MnCrMo7-6 (1.7971) and 15MnSi16-
2 (1.5132) are abbreviated to “B1”, “B2”, and “M”, respectively. All concentrations are given in
wt.%.

Alloy C * Si Mn P S * Cr Mo Al Nb B N

B1 0.34 0.19 1.61 0.009 0.006 0.80 max. 0.30 0.027 0.002 0.0036 0.007

B2 0.20 0.26 min. 1.50 0.010 0.007 min. 1.40 max. 0.40 0.023 max. 0.060 max. 0.003 0.019max. 2.10 max. 1.85
M 0.15 0.50 3.90 0.004 0.002 0.10 0.24 0.52 0.030 0.0025 0.006

* C, S determined with LECO combustion analysis.

x

y

z

a b

thickness (z-dimension): 22- m28 m
length (y-dimension): 220 mm
width (x-dimension): 80 m40- m

Figure 1. Shape and geometry of the semifinished con-rod. (a) Picture of the components after forging
at a conveyor belt; (b) computer model of the component.

3. Results

3.1. Microstructure

Steels B1 and B2 show a thoroughly bainitic structure, as displayed in Figure 2. Speci-
men B1 shows a coarse structure of the bainite constituents (bainite grains, lamelas) with a
grain size of 10 μm to 30 μm, which consist mainly of lamellar bainite, with large, globular-
shaped bainite grains in between. The structure of B2 is finer and the global bainite grains
are, with around 10 μm in size, much smaller. The globular bainite shows an elongated
morphology and is evenly distributed between the lancets. The specimens M and M + ba
show a typical martensitic microstructure with lancets and a similar grain size. Adjacent
to the fine martensitic structure, small carbide accumulations, with a size under 10 μm,
were found. Smaller magnifications of different regions of the component reveals lamellar
superstructures in rolling direction for steel B1, as seen in Figure 3a,b. The structures appear
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globular when they are observed parallel to the rolling direction, as seen in Figure 3b,c.
The other materials do not show these deformation structures.

50 μm50 μm

M M+ba

B1 B2

50 μm50 μm

Figure 2. Microstructure of the bainitic steel grades (B1 and B2) as well as the martensitic steel in the
as-forged condition (M) and in the annealed condition (M + ba).

100 μm

a b

dc

100 μm

25 μm

25 μm

Figure 3. Microstructural inhomogeneities (superstructures) visible in the bainitic materials. The su-
perstructures appear elongated when they are examined parallel to the rolling direction (a,b) and
globular when examined vertical to the rolling direction (c,d).

The local size of the bainite constituents in the center of the component is, with 10 μm
to 30 μm, slightly smaller than on the edges, with 30 μm to 50 μm. The same applies to the
local size distribution of material B2. M and M + ba show no size alteration of the martensite
laths between the edges and the inner area of the component. The accumulated carbides,
however, are larger at the edges of the specimen than in the core and build longitudinal
structures between the martensite lancets, with a similar size and direction.
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Taking a look at the precipitations, B1 shows titanium nitrides with a size under 5 μm
(Figure 4a). They can be found sporadically, but are not representative for the alloy. In M
and M + ba, many carbides can be found, which accumulate in stretched areas between
the martensite lancets. After the annealing, these carbides have grown in size forming
larger carbide areas, as shown in Figure 4b). These areas reach sizes of 10 μm to 15 μm.
Additionally, the M and M + ba materials show small, globular manganese sulfides, with a
diameter of under 5 μm.

10 μm10 μm

a b

TiN MnSCarbides

Figure 4. Precipitates observed by optical microscopy: (a) titanium nitride, (b) carbide agglomeration
and manganese sulfides.

The carbides in the martensitic steel are barely observable by LOM. SEM images reveal
(Figure 5) that the carbides have a length between 100 nm to 300 nm and a thickness smaller
than 50 nm.

2 μm 300 nm

Figure 5. Carbide structures observed by SEM in the “M” steel after air-hardening.

The prior austenite grain size of the materials was measured by the line intercept
method. For each material, a dataset of approximately 300 measurements was collected.
To reveal the prior austenite grain size, picric etching was performed on the steels. The re-
sulting microstructures with visualized prior austenite grain boundaries are displayed in
Figure 6. All three steels show globular prior austenitic grains, while B1 and B2 are smaller
than M. The dark areas on the specimen are caused by etching artefacts. The arithmetic
mean of the prior austenite grain size for the steels B1, B2, and M were measured to be
34 μm, 34 μm, and 55 μm, respectively. In order to characterize the distribution of the
measured grain sizes, box plot diagrams and histograms are displayed in Figure 7.

The box plot diagram reveals that the interquartile range of the bainitic alloys is
approximately from 20 μm to 50 μm while it is from 35 μm to 75 μm for the martensitic
grade. While the largest grains were measured to be slightly below 100 μm for the bainitic
grades, steel M showed some outliers with a prior austenite grain size of up to 150 μm.
The medians of the dataset were all found to be slightly lower than the arithmetic mean,
with a maximum difference for steel M of 5 μm. An analysis of the histograms reveals
comparable observations. The arithmetic mean (visualized by the dashed line) lies on the
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left of the peak of the Weibull fit. If the bainitic steels are compared with the martensitic
one, it can be seen that the width of the Weibull fit is increased for the martensitic steel,
while the height is reduced. The bainitic steels have a similar shape, with a steep climb to
35 μm, followed by a hyperbolic fall to 110 μm. The grain size distribution of M is shifted
to larger grains and appears more inhomogeneous, overall. The Weibull plot climbs less
steeply to the maximum of 40 μm and falls hyperbolically to a grain size of 160 μm.

50 μm 50 μm50 μm

B1 B2 M

Figure 6. Prior austenite grains of the investigated bainitic (B1 and B2) and martensitic (M) steel,
revealed by picric etching.

Figure 7. Visualization of the grain size distribution of the investigated materials determined by
line intercept method. The box diagram on the left displays the medians and arithmetic means,
interquartile ranges (IQR), and outliers of the dataset. Additionally, the grain size histogram is
displayed on the right together with the corresponding Weibull fit and the arithmetic mean, which is
represented by the dashed line.

3.2. Fracture Surfaces

In addition to the microstructure, fracture surfaces after Charpy V-notch impact test
were observed using SE imaging and EDX analyses. A comparison of the overall fracture
morphology is displayed in Figure 8. All samples are oriented with the notch positioned on
the left edge of the image. The bainitic steel grades B1 and B2 show a complete brittle fracture,
while the martensitic grades show regions which failed by ductile fracture. These regions are
on the edge of the sample and have a thickness of approximately 1000 μm, resulting in an area
fraction of ductile fracture of approximately 25%. The brittle areas of all investigated samples
show a mixture of intra- and transgranular fracture at higher magnifications, as displayed
in Figure 9. The bainitic grade B1 shows facets with a diameter of >30 μm, while the other
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materials have smaller facet diameters. Additionally, the amount of intragranular fractures
seems to be higher for the bainitic grades.

400 μm 400 μm

400 μm400 μm

B1 B2

M +baM

Figure 8. Fracture surface of Charpy V-notch impact test samples: Overview of the different overall
fracture morphology, with the notch visible on the left edge of the image.

30 μm 30 μm

30 μm30 μm

B1 B2

M +baM

Figure 9. Fracture surface of Charpy V-notch impact test samples: Comparison of the areas where
mostly brittle fracture can be seen.
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At even higher magnifications (Figure 10), it can be seen that the martensitic grades
(M and M + ba) have ductile regions on the edges of the facets. Figure 10 further reveals
different precipitates or inclusions at the bottom of pores which were investigated by
EDX measurements. The results of the EDX measurements 1 to 7 are displayed in Table 2.
Measurements 1, 2, 3, 4, and 7 mainly show large increases in the manganese and sulfur
concentration while measurements 5 and 6 show larger increases in the aluminum and
nitrogen concentration. Scan 3 shows, besides the increases in manganese and sulfur,
additional increases in aluminum and nitrogen.

B2

10 μm

10 μm20 μm

1

2

3

4

5

6

7

M

M

Figure 10. Fracture surface of Charpy V-notch impact test samples: Observed particles which were
investigated with EDX, consecutively.

Table 2. Chemical composition determined with EDX measurements. All concentrations are given
in wt.%.

Scan-#
Fe Mn S Al Cr N Mg Ca

Signal σ Signal σ Signal σ Signal σ Signal σ Signal σ Signal σ Signal σ

1 8.5 0.19 51.9 0.43 28.6 0.26 - - 0.6 0.07 - - - - 0.9 0.05
2 45.1 0.32 29.1 0.25 15.8 0.15 - - 1.2 0.07 - - - - - -
3 23.6 0.30 32.3 0.36 20.7 0.23 4.3 0.11 - - 4.4 0.53 2.1 - 0.6 0.05
4 55.7 0.44 5.1 0.13 10.3 0.13 - - - - - - 0.6 0.09 10.5 0.13
5 25.5 0.27 3.3 0.10 2.0 0.06 32.3 0.30 - - 29.3 0.49 0.4 0.05 0.5 0.04
6 14.1 0.20 1.2 0.07 0.8 0.04 43.7 0.43 - - 32.3 0.52 - - 0.5 0.04
7 10.6 0.20 21.7 0.26 31.2 0.31 1.5 0.09 - - - - 7.0 0.13 15.0 0.18
8 86.3 0.33 4.3 0.12 - - 0.4 0.06 0.2 0.05 - - - - - -
9 4.4 0.15 33.5 0.33 25.3 0.25 1.5 0.07 - - - - 5.1 0.10 3.1 0.07

10 46.3 0.32 3.3 0.09 0.6 0.04 19.9 0.17 - - - - - - - -
11 24.4 0.26 6.8 0.12 5.2 0.08 21.3 0.21 - - 18.6 0.51 0.8 0.04 0.6 0.04
12 4.4 0.14 31.9 0.31 23.5 0.23 1.3 0.06 - - - - 4.7 0.09 2.8 0.06
13 34.6 0.33 14.2 0.18 8.5 0.11 10.2 0.13 - - 12.1 0.49 1.5 0.06 1.1 0.05

Precipitates with similar compositions were found during the characterization of the
microstructure, as exemplary shown in Figure 11. The EDX measurements (Table 2) reveal
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a manganese-rich and an aluminum-rich particle (scan 9 and 10, respectively). Higher
magnification of the manganese-rich particle reveals areas of different contrast very close
to the globular main particle. An EDX mapping (Figure 11) shows that these areas are
enriched with aluminum. Additionally, the mapping demonstrates the enrichment of the
further alloying elements in the precipitate, namely magnesium and calcium.

1 μm
Al

MgMn

Ca
5 μm

8

9

10

11
12

13

Figure 11. Microstructure of steel “M” observed by SEM. Different types of precipitates are displayed
and the positions of EDX analyses are indicated. The figure is completed by an EDX mapping of
aluminum and manganese, as well as the trace elements magnesium and calcium.

3.3. Mechanical Properties

The mechanical properties of the alloys were investigated by tensile tests, instrumented
Charpy V-notch tests, and Vickers hardness measurements. The obtained values are
summarized in Table 3, and are augmented by the properties of the standard quenched and
tempered steel 42CrMo4 (AISI 4140) [7]. The bainitic materials do not differ significantly,
concerning their strength. Alloys B1 and B2 reach yield strengths (YS) of 732 MPa and
721 MPa, as well as ultimate tensile strengths (UTS) of 1114 MPa and 1055 MPa, respectively.
The same can be found for the measured hardness of the steels which is also comparable
at 332 HV30 and 343 HV30. A comparison of ductility and toughness of steels B1 and B2
shows that the uniform and total elongation are higher for steel B2 by 1.3% and 3.3%, while
the impact energy is increased from 6 J to 15 J. The progression of the force–displacement
curves of these materials, as displayed in Figure 12b, shows that both materials fracture
without any plastic deformation. The impact energy calculated from the force–displacement
curves (CVNc) results in 4.4 J and 13.6 J for steels B1 and B2, respectively. B1 reaches a
maximum force Fmax of 14.34 N, while B2 reaches 21.52 N.

The martensitic material shows higher strength values (YS: 847 MPa, UTS: 1341 MPa)
and higher hardness in the air-cooled condition, as expected. The uniform elongation reaches
4%, which is slightly below the B1 and B2 material, while At has 12.3% in between the values
of B1 and B2. The impact energy is 37 J with an Fm of 27.45 N. The annealing of the martensitic
steel leads to an increase of the YS by 67 MPa and a decrease of the UTS by 60 MPa, while
the elongations stay approximately the same (Au: ±0.0%, At: +0.4%). An increase of the
impact energy can also be observed after annealing (up to 44 J), while Fmax stays unchanged
(27.55 N).
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Table 3. Mechanical properties obtained by tensile tests, hardness measurements, and instrumented
Charpy V-notch tests.

Alloy
YS UTS Au At CVNm CVNc Fmax Hardness

[mPa] [mPa] [%] [%] [J] [J] [kN] [HV30]

Q + T [7] 959 1091 4.9 13.0 — — — —
B1 732 ± 22 1114 ± 28 4.6 11.6 6 4.4 14.35 332
B2 721 ± 11 1055 ± 11 5.9 14.9 15 13.6 21.52 343
M 847 ± 23 1341 ± 3 4.0 12.3 37 30.5 27.45 406
M + ba 914 ± 25 1281 ± 1 4.0 12.7 44 36.3 27.55 372

Figure 12. Force–displacement curves of the investigated materials obtained by instrumented Charpy
V-notch impact test. The curves of the martensitic steel for both conditions are shown in (a), while the
bainitic steels are displayed in (b).

4. Discussion

A comparison of the investigated steels shows that the bainitic grades differ concerning
their ductility and toughness, while the strength is nearly identical. As the influence of prior
austenite grains can be neglected (Figure 7), it can be concluded that the higher ductility
and toughness of B2 can be attributed to the much finer bainite morphology. The difference
in bainite morphology can be explained by the chemical composition of steels B1 and B2,
especially by the carbon concentrations, which is much higher in alloy B1 than in alloy
B2. Additionally, the steels contain different concentrations of boron and molybdenum,
which are known to influence the bainite morphology [20]. Larger concentrations of carbon
naturally enable higher phase fractions of carbon-containing bainitic microstructure con-
stituents such as carbides and martensite–austenite (M–A) islands. Molybdenum is known
to decrease the size of the (M–A) islands [20], and further depletes the matrix of carbon by
precipitating MoC carbides [20,21]. The effect of boron is predominantly the suppression
of diffusion-controlled phase transformations [22] and thus an increase in hardenability.
In addition, boron decreases the proportion of coarse lath bainite [23], which can have
positive effects on strength and toughness. The superstructures observed in Figure 3 are
presumably caused by chemical inhomogeneities or the small differences in the degree of
deformation caused by the hot-rolling process, as the features align with the rolling direction.
The microstructure of the martensitic alloy in the as-forged condition is comparable to mi-
crostructures in different forging components which have been investigated in the past [9].
The microstructure consists of martensite and carbides, which demonstrates that in situ tem-
pering takes place during air-cooling. The additional annealing at 450 °C for 2 h leads to an
improvement of the yield ratio (from 0.63 to 0.71) and to an increase of the impact toughness.
Both changes can be attributed to the coarsening of existing carbides, the resulting depletion
of the matrix by carbon and the relaxation of the martensitic microstructure, as previously
reported for alloys cast on the laboratory scale [24]. The progression of force–displacement
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curves of the bainitic grades (Figure 12) demonstrates that both materials fracture completely
brittle. This corresponds well with the observed fracture surfaces (Figure 8) which only show
brittle fracture. The differences in impact energy (+9 J) can be explained by the higher Fmax,
which was reached during the tests. The force–displacement curves of both sample states
show ductile deformation (Figure 12a), with steel M + ba having slightly more deformation
before the fracture. This also corresponds well with the observed fracture surfaces (Figure 8),
which show a mixture of brittle and ductile regions.

Statistical analyses revealed that the prior austenite grain size of the martensitic
alloys has a broader scattering than the bainitic alloys. This is demonstrated by the size
of the interquartile ranges as well as the width of Weibull fit of the histograms. TEM
analyses of chemically similar alloys showed that hot forging at 1200 °C with consecutive
air cooling results in niobium carbide precipitates with sizes between 20 nm to 50 nm [8].
Niobium precipitates are known for the retardation of recrystallization [25]. However,
thermodynamic calculations with MatCalc6 reveal that NbC precipitates in steel M dissolve
at 1100 °C. Therefore, it can be assumed that the niobium precipitates are dissolved after
the hot forging (at least to a certain extend), which might reduce their beneficial effect.

The EDX measurements reveal the presence of manganese sulfides (MnS) in the bainitic
materials as well as in the martensitic materials. Aluminum nitrides (AlN) were naturally
only observed in the martensitic steel, as the aluminum concentration is much higher in
comparison to the bainitic grades. The additional increase of aluminum and nitrogen in
scan 3 can be explained by a second AlN precipitated close to or beyond the primary
investigated MnS-particle. The negative effect of MnS particles on the impact toughness
caused by them acting as inner notches is well known in the literature [26]. Especially
for steel products which exhibited large degrees of deformation during the production,
elongated MnS particles might lead to anisotropic impact toughness [27–29]. As reported,
large MnS particles were observed in the microstructure (Figure 11) and at the fracture
surfaces (Figure 10) of the martensitic steel, accompanied by AlN precipitations in the
close vicinity. Similar observations have been reported by Marich and Player [30], who
found that Al2O3 inclusions act as nucleation sites for MnS, which was also observed for
MgO in magnesium killed steels [31]. It can therefore be assumed that AlN acts similar in
the investigated material, explaining the relatively large MnS-particles in the martensitic
steel. The bainitic steels exceed the strength of standard PHFP steels in the air-cooled
condition [5], while the impact toughness is similar. The higher strength of the bainitic steels
might enable new lightweight designs of con-rods, which are currently produced from
PHFP steels. As the Charpy tests revealed completely brittle failure, for the investigated
bainitic steels, it can be assumed that the splitting process can be performed successfully.
The martensitic steel achieved higher strengths (YS: 847 MPa) and the impact toughness
reached values above 30 J, which is required for most automotive chassis application [9].
However, due to the partly ductile fracture, quality issues might occur during the splitting
process [17,18]. Both materials offer the possibility to reduce the CO2-footprint of con-rods,
either by lightweighting or by a reduction of the heat treatment, if quench and tempering
steels are substituted. Lightweighting of the con-rods will additionally reduce the necessary
counterweights at the crankshaft as well as other motor components [11].

5. Conclusions

Air-hardening steels offer mechanical properties close to those of standard quench
and tempering steels. A broad market introduction of these steels can reduce the carbon
footprint of the forging industry, as the heat treatment process is significantly shortened. Es-
pecially for die-forged con-rods, these materials show interesting combinations of strength
and toughness, as the production of these components requires rather low toughness values.
The following can be concluded from this study:

• The presented steels show good balances of strength and ductility in the air-hardened
condition, which enables the substitution of other standard steel grades.
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• The CO2-footprint of forged components can be reduced by lightweighting or shorten-
ing the heat treatment through the utilization of new air-hardening materials.

• The combination of impact toughness and yield strength is suitable for con-rod pro-
duction in the case of the bainitic steels, while final confirmation has to be made for
the martensitic steel.

• A comparison of the bainitic grades reveals that the 19MnCrMo7-6 steel achieves
comparable strength but higher elongations and impact toughness than the 35MnCrB6-
4 steel. The differences in mechanical properties can be explained by the differences in
the bainite morphology.
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Abstract: A study of the migration of the grain boundary misorientation and its relationship with the
residual stresses through time immediately after the completion of a thermomechanical simulation
has been carried out. After physically simulating an intercritically overheated welding heat affected
zone, the variation of the misorientation of grain contours was observed with the electron backscatter
diffraction (EBSD) technique and likewise the variation of the residual stresses of welding with
RAYSTRESS equipment. It was observed that the misorientation of the grain contours in an ASTM
DH36 steel was modified after the thermomechanical simulation, which corresponds to the measured
residual stress variation along the first week of monitoring, with compressive residual stresses
ranging from 195 MPa to 160 MPa. The changes in misorientation indicate that the stress relaxation
phenomenon is associated with the evolution of the misorientation in the microstructure caused by the
welding procedure. On the first day, there was a fraction of 4% of the kernel average misorientation
(KAM) values at 1◦ misorientation and on the fourth day, there was a fraction of 7% of the KAM
values at 1◦ misorientation.

Keywords: grain boundary misorientation; welding residual stresses; dislocations

1. Introduction

Fusion welding, despite being one of the most used technologies in the merging
of metals such as high-strength steels, has a considerable number of drawbacks, among
which the internal stresses caused by the transient thermal cycles suffered in welds of
various steps—which form part of the procedures for large structures, such as vessels for
oil extraction—stand out. Thermal stresses, residual stresses, and distortions can cause
fractures in the areas around welds under certain tensile load conditions [1]. In addition
to these, stress corrosion and fatigue problems are also related to these residual stresses.
Residual stresses and corrosion, which affect the lifetime of structural components working
at high temperatures, must be considered [2]. The compressive residual stresses in a 316L
stainless steel increase in the resistance to pit initiation [3]. The cavitation erosion pits have
higher stress levels which lead to fatigue crack nucleation [4]. When a material has low
levels of yield strength, the residual stresses complicate the performance of the welded
joint, reducing its strength. Due to the particularity of welding processes, the mechanical
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properties of welded joint materials, especially the yield strength, are unevenly distributed,
which seriously affects the safety performance of welded joints [5]. The heat softening zone
has a great reduction in strength compared with the base metal when lap joints of 1180 MPa
steel sheets are welded [6]. For example, the magnitude of tensile residual stresses reaches
the yield strength of base metal; this is because, during the welding, the filler wire and base
metal experience rapid heating and a quick cooling process [7].

By monitoring the residual stresses of weld daily by means of X-ray diffraction,
magnetic methods, and vertical displacements of the surface of the welded plate using
laser technology equipment, the redistribution of the residual stresses was observed in a
relatively short period of up to two weeks following the welding procedure [8–10]. This
observable stress redistribution, not observed in other research works, is characterized by
a reduction in and uniformity of the maximum shear stress values 2 weeks after welding.
Microstructural analysis rules out the possibility of stress redistribution owing to the failure
of the material.

Changes in residual stresses over time are related to the misorientation of grain
boundaries. Internal stresses are related to the microstructure on an atomic scale and are
present in areas close to dislocations [1]. Researchers such as Taylor [11], Orowan [12],
and Love [13] have related elastic and plastic distortions and/or deformations to the
dislocations present in the microstructure of materials. The Volterra process shows that
the creation of a dislocation requires energy and the introduction of residual stresses [14].
Fan et al. [15] state that the dislocation glide is a general mode of strain, governing the
strength of metals, so there is a dependence on the rate of strain and the density of a
dislocation with the dynamics of collective dislocation. When there is plastic strain, the
distortion of the crystal lattice is alleviated with the formation of dislocations with a certain
concentration of dislocations, with a net Burger vector other than zero, that cause changes
in the orientation of the crystal lattice [16]. Relating residual stresses at the atomic and
microscopic level, during plastic strain individual grains do not twist as a single element in
magnitude and direction; thus, dislocations are located in the grain contours to maintain the
continuity of the microstructural network [17]. For metals deformed to moderate strains,
the dislocations density increases linearly with plastic strain [18]. In steels, the deformation
introduces dislocation boundaries with a small misorientation in austenite [19,20]. The
behavior of the dislocations within the microstructure is heterogeneous [21]. Hence, the
dislocations are highly heterogeneously distributed, with significant accumulation of high
density near the grain boundaries and relatively low density within the interior of the
grain [22]. The orientations of the crystals within the grains change due to the accumulation
of dislocations and may fluctuate by several degrees, even within the same grain [23].
Therefore, the accumulation of dislocations is expected to change the grain orientation
distribution and the grain boundary misorientation angle. This is also based on the fact that
the nature of any given grain contour depends on the misorientation of the two adjacent
grains and the orientation of the boundary plane with respect to them [24].

The level of deformation can be estimated with misorientation analysis, where the
orientation of two or more data points is compared for individual grains or within calcula-
tional domains [25]. The nature of any given grain contour depends on the misorientation
of the two adjacent grains and the orientation of the boundary plane in relation to them [24].
Misorientation within grains increases with the introduction of plastic strain, which is often
used as a quantitative measure to describe the degree of microstructure deformation [26].
However, the introduction of plastic strain can result in substructure formation associated
with the rearrangement of dislocations [26]. Because of this, small misorientations are
important for understanding the mechanical behavior of materials and it is important that
the orientation measurements are precise [27,28]). The yield stress, as well as the flow stress
after yielding, increases as the grain boundary misorientation angle increases [29]. When a
deformation is applied to a metal, the presence of low-angle grain boundaries (LAGB) is
observed [19]. Free dislocations generated during plastic deformation can readily rearrange
themselves, leading to the development of low-angle grain boundaries [26]. Further defor-
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mation is enabled by the formation of new high-angle grain boundaries [25]. In a work
published by Costa et al. [30], for low-angle grain boundaries, samples with higher stress
levels have a higher percentage of misorientation, and for high-angle grain boundaries the
observed behavior is the opposite. This is due to the fact that the energy of the low-angle
grain boundaries is the total energy of the dislocations within the contour area and depends
on the spacing of the dislocations and the misorientation angle, whereas, for high-angle
grain boundaries, the grain boundary energy is almost independent of the misorienta-
tion [24]. Humphreys et al. [31] state that low-angle boundaries are those that are composed
of an arrangement of dislocations whose structure and properties vary depending on the
misorientation, while high-angle boundaries are those whose structure and properties
generally do not depend on misorientation. This suggests that there is a direct relationship
between the stress–strain level and the amount of grain boundaries, with the low-angle grain
boundaries having a greater influence on the stress–misorientation relationship. From what
was discussed in previous paragraphs, a hypothesis was proposed: the stress relaxation
phenomenon is associated with the evolution of the misorientation of the microstructure
that occurs in the material following the culmination of the welding procedure.

2. Materials and Methods

A 12 mm thick ASTM DH36 steel sheet was used, from which specimens with dimen-
sions of 10 mm × 10 mm × 71 mm were extracted (Figure 1). In the center of this sample
was the intercritically reheated coarse grained heat affected zone (IC CGHAZ), and next
to it was the fine grain heat affected zone (FGHAZ). The elastic limit of the material is
360 MPa. The chemical composition of the steel was obtained in this investigation with
optical emission spectroscopy using a Foundry Master Pro spectrometer from Oxford
Instruments (Concord, MA, USA), and is given in Table 1 with a carbon equivalent (CEiiw)
of 0.41%, indicating that the solubility is relatively good since it exceeds 0.40% of CEiiw.
Steels with CEiiws < 0.40% are considered to have good weldability and do not require
special preparation or post-treatment of the weld [32]. The equation for the calculation of
the CEiiw was formulated by the International Institute of Welding (IIW) [32].

 

Figure 1. Simulated specimen with dimensions of 10 mm × 10 mm × 71 mm presenting the IC CGHAZ zone that is located
in the central part of the sample with a width of approximately 8 mm.

Table 1. Chemical composition of the ASTM DH36 steel in wt.%.

C% Mn% Si% Cr% Cu% Ni%
Mo and

Ti%
V% Nb% P% S% CEiiw%

0.141 1.49 0.179 0.022 0.0106 0.0071 <0.0005 0.0429 0.0322 0.0224 0.0102 0.41

The thermal welding cycles were carried out with a physical simulation for the
determination of the microstructure using Gleeble® 3800 equipment (Dynamic Systems
Inc., Poestenkill, NY, USA). The sample was held rigidly in the jaws of the machine, not
allowing the jaws to move when the material presented volumetric expansion, as shown in
Figure 2. The temperature was measured using a type K thermocouple.
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Figure 2. Specimen (in the center of the image) attached to the Gleeble® 3800 equipment.

The thermal cycle simulation of double pass welding consisted of the following steps.
For the first welding pass simulation, the middle region of the test specimen was heated
to 1350 ◦C with a heat rate of 450 ◦C/s, was maintained at this temperature for 0.35 s,
was cooled down to 800 ◦C in 20 s with a cooling rate of 27.5 ◦C/s, and then to 200 ◦C in
t8/5 = 160 s with a cooling rate of 3.75 ◦C/s. The second pass simulation involved heating
from 200 ◦C to a peak temperature of 800 ◦C with a heat rate of 266 ◦C/s, maintaining the
specimen at this temperature for 0.35 s, and then cooling it to 200 ◦C in t8/5 = 160 s with a
cooling rate of 3.75 ◦C/s followed by air free cooling, as shown in Figure 3.

Figure 3. Thermal cycles simulating two welding passes to generate the IC CGHAZ zone.

These thermal cycles were designed to obtain the microstructure of a heat affected
zone (HAZ) from two welding passes. The first pass reaches a coarse-grained heat affected
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zone and the second pass pertains to an intercritical zone (IC CGHAZ). The temperature
of the second intercritical pass, which was 800 ◦C, was taken between the temperatures
AC1 = 695 ◦C and AC3 = 830 ◦C calculated with the Thermo-Calc® (Thermo-Calc Soft-
ware’s, Pittsburgh, USA) version 1 thermodynamic software based on TCS Steel and
Fe-alloys Database (TCFE) data (Figure 4).

Figure 4. Intercritical zone of DH36 steel calculated with Thermo-Calc®.

For data acquisition, an FEI Quanta 450 scanning electron microscope (SEM, FEI
Technologies Inc., Hillsboro, Oregon, USA) with a tungsten filament and a BRUKER E-
FLASH EBSD automatic detector (Bruker Nano GmbH, Berlin, Germany) were used. The
BRUKER ESPRIT 2.0 package was applied for data processing. The configuration used for
the microscope had an acceleration voltage of 23 KV, with a step size of 0.72 μm and an
indexing speed (min–max.) of 94.6–97.9%. The samples were prepared using SiC paper
with a grain from 100 to 1000 for grinding. Polishing was carried out with a diamond
suspension from 6 μm to 1 μm, and finally a fine polishing was applied using a silica
colloidal suspension of 0.25 μm.

The residual stress values were measured using a RAYSTRESS instrument (SYN-
THESIS Co. ltd, Saint-Petersburg, Russia), which is a portable X-ray machine that em-
ploys a double exposure method [8,9]. The principle of the stress measurements via the
RAYSTRESS using double exposure is shown in Figure 5. Two cassette windows cap-
tured the diffraction lines in 2θ-angular intervals from 148◦ to 164◦. The inclination of the
specimen surface of 12◦ corresponds to measurements for steel specimens using Cr-Kα

radiation and the {211} reflection with θ211 = 78◦. The experimental accuracy of the stress
measurements was 10 MPa. The specimen was maintained at the same measurement
position throughout the entire three-week monitoring period. Stress measurements were
taken from the center of the specimen in the IC CGHAZ area, and in the area located 5 mm
from the center of the specimen, whose microstructure was identified as FGHAZ, which
is the fine grain heat affected zone. The measurements on both areas were performed
simultaneously using two RAYSTRESS machines. Measurements were started around two
hours after the end of the Gleeble simulation and were performed every 12 h.
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Figure 5. Schematics of the stress measurements using the RAYSTRESS machine.

3. Results

3.1. Microstructure of Base Material Obtained by Thermomechanical Simulation

The microstructure of the base material without thermomechanical simulation ob-
tained with the EBSD technique is shown in Figure 6. Figure 6a shows the inverse pole
images (IPF) indicating the crystallographic directions caused by the ferrite, austenite,
upper bainite, and cementite. A predominant direction was not evident since orientations
of the type 001, 101, 111, and 210 were present throughout the microstructure. In Figure 6b,
a predominantly ferritic structure can be observed. The dark regions represent the band-
ing resulting from the thermomechanical treatment of the sheet (Figure 6c), which was
composed of phases belonging to bainite, austenite, and cementite as shown in Figure 6b.
These phases can also be observed in certain sections of the grain boundaries, but in lesser
amounts. The colored areas of the EBSD micrographs in Figure 6a–c that contain the
cementite, bainite, and austenite phases are related to the pearlitic and grain boundary
zone of Figure 6d. So, it could be said that in the banded areas of the base material, we can
find retained austenite that could be forming the martensite–austenite constituent (MA).
The microconstituent MA with different morphologies is located mainly in the contours of
the anterior austenitic grain, the lathes of other phases, and rarely within the grains [33].
According to the work of Moeinifar et al. [34], the mean diameter of the MA microcon-
stituents in their largest size is, on average, 0.93 μm. MA blocks can be approximately 3 to
5 μm in size according to Davis and King [35] or 1 μm according to You et al. [36].

3.2. Microstructure IC CGHAZ Simulated Thermomechanically

The microstructure of the central part of the thermomechanically simulated sample
(Figure 1) is a microstructure that would belong to a multipass region of real welding,
called IC CGHAZ, which is observed in Figure 7. In the inverse pole figure (Figure 7a), a
predominance of crystallographic orientations of 101 for ferrite and austenite, of 110 for
upper bainite, and 010 for cementite is observed. In Figure 7a,b, within the initial austenitic
grains, phases in elongated lathes are observed oriented according to the crystallographic
directions 110 and 210 belonging to a bainitic structure. The phase map of Figure 7c
indicates that 95.2% belongs to the ferritic phase. From Figure 7d, we can see that the
microstructure belongs to a bainitic structure in the form of blocks with dark phases
between the strips of the bainite, phases that belong to austenite, cementite, and bainite as
indicated by the phase map in Figure 7c. Steels with low carbon content contain cementite
through the matrix as a second dispersed phase [37], due to the excess solubility of carbon
in the ferrite.
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Figure 6. Micrographs of the base material obtained with EBSD: (a) inverse pole figure (IPF) normal to the Y axis, (b) map
of the quality standard, and (c) phase distribution map. Magnitude of 1500×. (d) Electron microscopy micrograph with
magnitude of 3000×.
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(c) (d) 

Figure 7. IC CGHAZ micrographs obtained with EBSD: (a) inverse pole figures (IPFs) normal to the Y axis, (b) quality
pattern map (PQ), and (c) phase distribution maps. (d) Light microscopy micrograph. Magnitude of 500×.

In Figure 7c, black dots are seen representing 1.37% of zero solutions, which are
non-indexed patterns that can indicate an MA microconstituent, precipitates, carbides, or
second phases that are located on the edges of the initial austenitic grain and dark phases
of a smaller size within them. It was not possible to obtain a good quality of Kikuchi
standards from the carbides due to their discontinuities and a high density of dislocations
at the respective interfaces [38]. These black areas are regions of higher dislocation density
and high residual stresses introduced by significant differences in the coefficient of thermal
expansion between the reinforcing particles and the matrix, resulting in a strong dislocation
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field around the precipitates [39]. These dislocations are regions of greater misorientation
that are difficult to index and therefore appear as non-indexed black dots [40].

3.3. Redistribution of the Residual Tension

Figure 8 and Table 2 shows the results of residual stress measurements performed
on IC CGHAZ and FGHAZ, adjacent to the IC CGHAZ zone areas of the specimen over
the 14 monitoring days. Sign “-” denotes compressive stress. The measurements were
performed in the longitudinal direction. Although the stress state on the whole is defined
as a tensor value, these measurements are sufficient to detect the change of the residual
stress state on the analyzed areas for the purposes of this paper.

Figure 8. Change in residual stress over time. Plot with • corresponds to the residual stresses measured on IC CGHAZ area;
plot with � corresponds to the residual stresses measured on FGHAZ area.

Table 2. Values of the change in residual stress over time.

Days 1 2 3 4 5 6 7 8 9 10 11 12 13 14

IC
CG-

HAZ
(MPa)

−194 −169 −158 −160 −147 −132 −112 −114 −110 −123 −123 −111 −118 −122

FGHAZ
(MPa)

−212 −238 −247 −234 −242 −262 −264 −242 −246 −246 −250 −250 −235 −244

We observed a decrease in compressive residual stress in the IC CGHAZ area accom-
panied by an increase of compressive residual stress in the FGHAZ area. This process is
not monotonic and has some variations. The initial difference in the values of the stresses
on two analyzed areas was 20 MPa, and the final difference was 130 MPa. Stabilization
in the process of stress redistribution usually begins from the second week. A two-week
stabilization period is normally applied in real welding samples [8–10].

In Figure 8, we can see that, in the first days of monitoring, the compressive residual
stresses measured in the longitudinal direction in the IC CGHAZ area had a value of
195 MPa and four days later this value became 160 MPa, which represents the absolute
value of the residual stress decrease from the first day to the fourth day of observation. In
the following sections, we will describe how the fractions of the misorientation values vary
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from the first to the fourth day after having completed the simulation of the heat affected
zone, just as the residual stresses calculated with the X-ray diffraction method vary.

3.4. Redistribution of Misorientation in Microstructure
3.4.1. Redistribution of KAM

The kernel average misorientation (KAM) maps represent the mean misorientation
ratio of a given point and the mean orientation of its neighbors with the same grain [41,42].
KAM is designed to show very close local orientation changes. Analysis of the results
based on the KAM parameters are presented in Figures 9 and 10. The KAM results give
us up to an approximate value of 5 degrees of misorientation and these are considered
as low-angle grain contours (LAGBs). This limit on misorientation values was chosen
to elucidate the misorientation between the grain boundaries and interior grains [26]. A
visible variation of the maximum values of the fraction of the misorientation angles was
observed from the first to the fourth day of observation. For example, in Figure 10 it can be
seen that, on the first day, there was a fraction of 4% of the KAM values at 1◦ misorientation
and on the fourth day there was a fraction of 7% of the KAM values at 1◦ misorientation. In
heat-affected areas of welded joints, when temperature gradients occur, different internal
strains are noticeable, such strains being related to microstructural changes. The presence
of LAGB is also considered to be due to incomplete recrystallization [43]. In our case, the
redistribution of the residual strain of the IC CGHAZ zone was observed. These areas that
are close to the weld beads are subject to higher cooling speeds and consequently large
internal strains are present, as seen in Figure 9a, which, after the passage of time, gradually
decreased, as can be seen in Figure 9b.

 
(a) 

Figure 9. Cont.
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(b) 

Figure 9. Maps of kernel average misorientation (KAM): (a) first day of monitoring KAM map and
(b) fourth day of monitoring KAM map. EBSD with magnitude of 500×.

  
(a) (b) 

Figure 10. KAM changes on IC CGHAZ area during the four days of monitoring: (a) first day of monitoring and (b) fourth
day of monitoring.
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3.4.2. Redistribution of GAM

Grain average misorientation (GAM) maps show the correlated mean misorientation
values obtained in a specific grain [44,45] and the degree of intragranular orientation
deviation [7]. This means that each measure contained in a grain is assigned the same local
misorientation value, but the values vary from one grain to another [16]. GAM excludes
some external disturbances and manifests the global orientation deviations within a specific
EBSD observational region [46]. This is a typical way to show orientation changes within
the grain. Figures 11 and 12 show the results obtained by GAM, and a change in the
fraction of the misorientation values can be observed from the first to the fourth day of
observation. In Figure 11a, it can be seen in the red box that misorientation angles between
values of 12 to 15◦ dropped to values of 5 to 10◦ in Figure 11b (according to the GAM color
pattern). In Figure 12, we can see that the fraction of GAM values for 2◦ increased from
the first to the fourth day and from 4◦ the fraction of GAM values decreased from the first
to the last day of observation. As mentioned above, these changes in misorientation are
related to a change in the concentration of the dislocations over time.

 
(a) 

Figure 11. Cont.
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(b) 

Figure 11. Grain average misorientation (GAM): (a) first day of monitoring GAM map and (b) fourth
day of monitoring GAM map. EBSD 500×.

 
(a) (b) 

Figure 12. GAM changes on IC CGHAZ area during the four days of monitoring: (a) first day of monitoring and (b) fourth
day of monitoring.

3.4.3. Redistribution of Grain Boundaries

Figure 13 shows the high-angle grain boundaries (HAGBs) in yellow and the low-angle
grain boundaries (LAGBs) in blue. Figure 13b shows a greater fraction of the HAGB values
> 50◦ than the fraction of LAGB <15◦. The percentage of LAGBs that consist of a series
of dislocations decreases at ICHAZ with an increase for the cooling elapsed time, which
corresponds to high heat input [22]. The simulated samples of ICHAZ showed a selective
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orientation of misorientation and an apparently ‘bimodal’ feature [47–49]) in the range of
2–15◦ and 50–62◦. The authors of [50] stated that the LAGBs usually distribute between
the parallel or thinner grain laths and the HAGBs locate within the prior austenite grain
boundaries. It can be determined that the preferred orientation phenomenon occurred
during the phase transformation in a different or the same bainite group, which could
generate HAGBs or LAGBs at the boundaries of laths, respectively [22]. HAGBs are more
mobile than LAGBs due to a higher density of dislocations and a large amount of stored
energy [31]. According to Tsuchiyama et al. [51], HAGBs show mobility and a driving force
sufficiently large for migration. LAGBs are mobile because their properties depend on the
density of dislocations [31].

 

(a) 

(b) 

Figure 13. (a) Maps of boundary grain and (b) fraction of misorientation of boundaries grain.
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4. Discussion

4.1. Microstructure of Base Metal and IC CGHAZ

Figure 6, obtained with the EBSD technique, shows us the typical microstructure of a
DH36 high-strength steel without physical simulation, which is mainly made up of ferrite
accompanied by phases of superior bainite, austenite, and cementite. The black colored
zero solutions in Figure 6b,c may represent the martensite of the MA microconstituent,
which are smaller than 1 μm in size. In addition to the fact that EBSD may not have indexed
microstructures smaller than the step size placed before indexing, microstructures such as
martensite that are not present in the EBSD database are also not indexed. Non-indexed
regions (represented as dark areas) contain a high density of dislocations [52]. Martensite
identification is complicated with EBSD, due to the similar lattice structures of ferrite and
martensite [53]. Wright [54] mentions that martensite cannot be indexed using EBSD as
martensite has a body centered tetragonal (bct) structure but is only slightly tetragonal.
Thus, EBSD cannot reliably identify this tetragonality. The c/a ratio is simply very close
to 1, so no information was entered in the data bank to identify martensite. Nowell
et al. [55] usually perform this indexing as a body centered cubic (bcc) ferrite structure and
then use various approximations to try to differentiate martensite from ferrite based on
topographic arguments.

When the two thermal welding cycles were physically simulated, the EBSD technique
still detected phases belonging to the ferrite, upper bainite, austenite, and cementite in
the same way as was detected for the base material. The difference between these two
microstructures is evident: the banding presented in the base material disappeared, the
grain size increased, and the distribution of the bainite, cementite, and austenite phases
within the ferritic matrix varied (all this can be observed by comparing Figures 6 and 7). In
the intercritically reheated coarse grain heat affected zone of an EH36 weld, Tsay et al. [56]
observed microstructures such as lower bainite with carbides between those of upper bai-
nite and with retained austenite. In the intercritically reheated heat affected zone of DH36
presented in slab bainite, this type of bainite generally nucleates along the grain boundary
of the original austenite and then grows into the interior grain [22]. When the maximum
heating temperature is between AC3 and AC1, the superheated austenite decomposes
into Widmanstatten ferrite, bainite, and microphases consisting of martensite and retained
austenite (MA) [57]. When the cooling time t8/5 is increased, the formation of MA is more
pronounced, and due to the semi-diffusive transformation of bainite and a mixture of ferrite
and carbide, the formation of granular bainite plays a role in separating slab bainite [22].
Hutchinson et al. [58] obtained, by physical simulation, large grains of polygonal ferrite
outlining the contours of the initial austenitic grain and bainitic microstructures with fine
cementite particles.

4.2. Redistribution of the Residual Tension vs. the Misorientation

The study of the variation of the crystallographic orientation and the local strain
gradient for the prediction of stress relief is crucial [38]. Many studies have shown a good
correlation between the degree of misorientation and macroscopic strain in the material [59].
The results of our research work have shown a variation of the residual welding stress
(Figure 8) obtained with X-ray diffraction and a variation of the misorientation of grain
contours (Figures 9–12) obtained with the methods KAM and GAM. Since misorientation
relates microstructural deformation to high- and low-angle grain boundary dislocations,
and residual stresses are the result of the concentration of dislocations within different
regions of the microstructure, there is an obvious relationship for this variation obtained
with the experimental methods used, due to the rearrangement of the dislocations after
immediately having completed the welding process and through time where the stabilizing
of residual stresses occurs, as obtained in the works of Estefen [8] and Gurova [9,10].

According to studies realized by Wright et al. [16], the residual deformation is man-
ifested as a variation in the orientation of the network, and Han et al. [60] indicate that
with increasing strain there is an increase in the density of low-angle grain boundaries.
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Therefore, local misorientations provide an indication of the residual strain distribution
in polycrystalline materials and for their characterization KAM-based methods are suit-
able [16]. Therefore, the KAM is often used as a qualitative measure of plastic deformation
localization [25]. Orientation gradients can be correlated with geometrically necessary dis-
locations (GND) [61], which are generated to accommodate local incompatibilities within
crystallographic parameters [16,62] and orientation gradients which are related to plastic
deformation [63] and to correspond to the applied macroscopic strain when averaged
over multiple grains or entire measurement fields [64]. The development of misorientation
within the grain can be attributed to the high density of dislocations [65]. Regions with high
concentrations of LAGB correspond to areas with a high concentration of dislocations [66].
The KAMs obtained in Figure 10 show that a large concentration of LAGBs was in the
range of 1 to 2◦ of misorientation and over time the dislocations moved and changed the
internal strain. The results indicate that the glide of the dislocations gives way to the reorga-
nization of the LAGBs and HAGBs. When the deformation progresses, the misorientation
across a specific sub-structural boundary will increase [25]. Thus, the initial dislocation
cell structure created by the low-angle dense dislocation wall will evolve into sub-grain
boundaries and eventually into new high-angle grain boundaries [25]; the HAGBs are
effective barriers for dislocation motion [67]. Experimental results illustrated high KAM
values near grain boundaries at lower strain levels, while a wider distribution in KAM
values outside the grain boundaries was observed in larger strains [62]. At high strains,
due to highly misoriented grains and the formation of submicron dislocation structures, it
is crucial to choose the correct step size [62]. For the four-day observation period inside the
SEM chamber, the same step size was used, ruling out that this had influenced the change
in the misorientation values of the thermomechanically simulated microstructure.

In the GAM results, large changes in principle were found in the LAGBs from 2◦
to 10◦, and as indicated in the literature, these changes in misorientation are related to a
change in the concentration of the dislocations, in this case, over time. As great dislocations
densities develop within the material, the residual strain is represented as local variations
in the lattice orientation for GAM [68]. GAM maps for misorientations between 0◦ and
2◦ can be employed to estimate the internal energy or dislocation density, qualitatively,
where the higher GAM values show higher dislocation densities [69]. According to Hou
et al. [70], the regions close to the fusion zone, such as coarse-grained ones, present high
GAM values. Recrystallization is related to LAGBs, and these values can be obtained using
GAM maps [71]. The GAM evolution for the deformed material showed higher values than
the initial annealed condition because of the significant number of dislocations [68]. When
the deformation occurs and progressively increases, some grains with lower GAM values
are distributed around grains with higher values [68]. When the GAM values obtained over
many grains of a scanned area are averaged out, they can be correlated with macroscopic
values of plastic deformation [72]. The decrease in misorientation obtained with GAM
and the residual stresses clearly shows the effect of the role of the microstructure on the
mechanical behavior of the welded joints [45]. Research related to GAM indicates that
these values are influenced by the step size [72]; for the purposes of the research carried
out, the step size remained constant during the 4 days of observation.

5. Conclusions

It was observed that there was a redistribution of residual stresses, as well as a
redistribution of misorientation in the IC CGHAZ area, four days after having carried out
the thermomechanical simulation. The main results can be summarized as follows:

(a) For the residual stresses, a decrease in residual compression stresses in the range of
196 MPa to 160 MPa was noted.

(b) For 1◦ of misorientation in KAM, on the first day the fraction values were 4% and on
the fourth day the fraction values increased to 7%.

(c) For the misorientation in GAM, the fraction values for 2◦ increased from the first to
the fourth day and for 4◦ the fraction values decreased from the first to the fourth day.
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(d) The high-angle grain contours and the low-angle grain contours showed rearrange-
ment due to a rearrangement of the dislocations over time; these changes were related
to the change in residual stresses that, after two weeks, stabilized.
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Abstract: Cold stretch-formability and stretch-flangeability of 0.2%C-1.5%Si-5.0%Mn (in mass%)
martensite-type medium Mn steel were investigated for automotive applications. High stretch-
formability and stretch-flangeability were obtained in the steel subjected to an isothermal trans-
formation process at temperatures between Ms and Mf − 100 ◦C. Both formabilities of the steel
decreased compared with those of 0.2%C-1.5%Si-1.5Mn and -3Mn steels (equivalent to TRIP-aided
martensitic steels), despite a larger or the same uniform and total elongations, especially in the
stretch-flangeability. The decreases were mainly caused by the presence of a large amount of marten-
site/austenite phase, although a large amount of metastable retained austenite made a positive
contribution to the formabilities. High Mn content contributed to increasing the stretch-formability.

Keywords: stretch-formability; stretch-flangeability; martensite-type medium Mn steel; retained
austenite; heat-treatment; isothermal transformation process; direct quenching

1. Introduction

To date, the first, second and third-generation advanced ultrahigh- and high-strength
sheet steels (AHSSs) have been developed for the weight reduction and high crush safety of
automobiles [1–4]. In most AHSSs, their ductility is enhanced by transformation-induced
plasticity (TRIP) [5] and/or twinning-induced plasticity (TWIP) [6] of metastable retained
austenite, reverted austenite, and austenite. These AHSSs are categorized as follows [4],

1. First-generation AHSS: ferrite-martensite dual-phase (DP) steel [2,3], TRIP-aided
polygonal ferrite (TPF) steel [2], TRIP-aided annealed martensite (TAM) steel [7] and
complex-phase (CP) steel [3],

2. Second-generation AHSS: high-Mn TWIP and TWIP/TRIP steels [6],
3. Third-generation AHSS (Type A): TRIP-aided bainitic ferrite (TBF) steel [3,8–10], one-

step and two-step quenching and partitioning (Q&P) steels [3,11–13], carbide-free
bainitic (CFB) steel [14–16], and duplex-type, laminate-type, and bainitic ferrite-type
medium manganese (D–MMn [17–22], L-MMn [23–25], and BF-MMn [26]) steels,

4. Third-generation AHSS (Type B): TRIP-aided martensitic (TM) steel [27–29] and
martensite-type medium manganese (M–MMn) steel [30–33].

The second-generation AHSSs are mainly high-Mn austenitic steels with an Mn
content higher than 14 mass% and possess the highest ductility by TWIP/TRIP effects.
The first- and third-generation AHSSs contain metastable retained austenite or reverted
austenite of 5 to 40 vol.%—except for the DP and CP steels—and possess high ductility
and cold formability by the TRIP effect of the retained austenite or reverted austenite. The
third-generation AHSSs are classified into two types, Type A and Type B, by their kinds of
matrix structures and tensile strengths (TS) [4]. The matrix structures and the TSs of Type
A are bainitic ferrite (BF) and bainitic ferrite/martensite (BF/M), and higher than 1.0 GPa,
respectively, except for D–MMn and L-MMn steels with an annealed martensite [17–25]
and/or δ-ferrite [24] matrix structure. On the other hand, the main matrix structure of Type
B is martensite and its TS is higher than 1.5 GPa [27–33].
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The M–MMn steel contains a larger amount of retained austenite than the TM steel [30–33],
although its amount is much less than those of the D–MMn and L-MMn steels [17–25].
Resultantly, the M–MMn steel has an ultra-high tensile strength and shows a large elonga-
tion by the TRIP effect of the retained austenite, although the impact toughness is inferior
to that of TM steel [30]. If the M–Mn steel achieves higher cold formability than the TM
and D–MMn steels, significant weight reduction of the automobiles is expected. Many
researchers have reported the cold formability of D–MMn steel because the steel achieves
superior formability [22]. However, the cold formability of the M–MMn steel has been
hardly investigated to date, although its total elongation is higher than those of TM and
D–MMn steels [31].

In this study, the ductility, stretch-formability, and stretch-flangeability of M–MMn
steel with a chemical composition of 0.2%C-1.5%Si-5.0%Mn (in mass%) were investigated
for applications to the cold-stamping and cold-forging of automotive parts. In addition,
these formabilities were related to the microstructural properties. Moreover, the forma-
bilities were compared to the steels with lower Mn content, which are equivalent to TM
steels.

2. Experimental Procedures

A steel containing 5 mass% Mn was prepared in the form of 100 kg slabs by vacuum
melting. To investigate the Mn-content dependencies of microstructure, tensile properties,
and formability, the steel slabs, containing low Mn content (1.5 and 3 mass% Mn) were
also prepared. Hereafter, the steels with 1.5, 3, and 5 mass% Mn are referred to as 1.5Mn,
3Mn, and 5Mn steels, respectively. The chemical composition, austenite-finish and -start
temperatures (Ac3, Ac1 in ◦C), and martensite-start and -finish temperatures (Ms and Mf in
◦C) of these slabs are shown in Table 1. The slabs were then heated to 1200 ◦C and hot-rolled
to 5 mm thickness with a finishing temperature of 850 ◦C, followed by air-cooling to room
temperature. After being ground to a thickness of 3 mm, the plates were cold-rolled into
sheets of 1.2 mm thickness, with the assistance of annealing, at 650 ◦C. The CCT diagrams
of these steels are shown in Figure 1a. No bainitic transformation appears only in 5Mn
steel in a cooling rate range above 0.3 ◦C/s. The 1.5Mn and 3Mn steels subjected to the
DQ process and the IT process at temperatures lower than Mf is equivalent to the TM
steel [27–29].

Table 1. Chemical composition (mass%) and various transformation temperatures (Ac3, Ac1, Ms, and Mf in ◦C) of steels
used.

Steel C Si Mn P S Al N O Ac3 Ac1 Ms Mf

1.5Mn 0.20 1.49 1.50 0.006 0.0015 0.035 0.0038 <0.001 847 719 420 300

3Mn 0.20 1.52 2.98 0.006 0.0016 0.037 0.0034 <0.001 797 689 363 220

5Mn 0.21 1.50 4.94 0.005 0.0016 0.032 0.0020 <0.001 741 657 282 150

Tensile specimens with 50 mm gauge length and 12.5 mm width parallel to the rolling
direction and stretch-forming and stretch-flanging specimens with dimensions of 50 mm
square were machined from the cold-rolled steel sheets. These specimens were subjected
to the heat treatment shown in Figure 1b, namely, direct quenching in oil at 25 ◦C (DQ)
and isothermal transformation (IT) at TIT = 100 ◦C to 450 ◦C (below Mf to above Ms) for
tIT = 1 × 102 s to 1 × 105 s after being austenitized at 800 ◦C to 900 ◦C for 1200 s. The
IT times used are corresponding to the times for which the maximum retained austenite
fraction is obtained. Hereafter, the DQ process is also dealt with as the IT process at
TIT = 25 ◦C.

The microstructure of the steels was observed by field-emission scanning electron mi-
croscopy (FE-SEM; JSM-6500F, JEOL Ltd., Akishima, Tokyo, Japan), which was performed
using an instrument equipped with an electron backscatter diffraction (EBSD; OIM system,
TexSEM Laboratories, Inc., Prova, UT, USA) system. The EBSD analyses were conducted
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in an area of 40 μm × 40 μm with a beam diameter of 1.0 μm and a beam step size of
0.1 μm operated at an acceleration voltage of 25 kV. The specimens for the FE-SEM–EBSD
analysis were first ground with alumina powder and colloidal silica, and then ion thinning
was carried out. The volume fraction of carbide in the specimens was measured using
carbon extraction replicas and FE-SEM. The volume fractions of fine martensite/austenite
constituent (MA phase) and the carbide were quantified by the line-intersecting method,
as well as by the prior austenitic grain size and void density and diameter.

Figure 1. (a) CCT diagrams and (b) heat treatment diagram of the 1.5Mn, 3Mn, and 5Mn steels. “A”, “F”, “P”, “B”, and “M”
in (a) are austenite, ferrite, pearlite, bainite, and martensite, respectively. “DQ” and “IT” represent direct quenching to room
temperature and isothermal transformation, respectively. TA (◦C): austenitizing temperature, tA (s): austenitizing time, TIT

(◦C): IT temperature, tIT (s): IT time.

The retained austenite characteristics of the steels were evaluated by an X-ray diffrac-
tometer (RINT2000, Rigaku Co., Akishima, Tokyo, Japan). The surfaces of the specimens
were electropolished after being ground with emery paper (#1200). The volume fraction
of the retained austenite phase (fγ, vol.%) was quantified from the integrated intensity of
the (200)α, (211)α, (200)γ, (220)γ, and (311)γ peaks obtained by X-ray diffractometry using
Mo-Kα radiation [34]. The carbon concentration (Cγ, mass%) of the retained austenite was
estimated from the empirical equation proposed by Dyson and Holmes [35]. To accomplish
this, the lattice constant of retained austenite (aγ, nm) was determined from the (200)γ,
(220)γ, and (311)γ peaks of the Cu-Kα radiation. In this research, the average values of
the volume fractions and carbon concentrations of retained austenite measured at three
locations were adopted, as well as for other microstructural properties.

Tensile tests were carried out on a tensile-testing machine (AD-10TD, Shimadzu
Co., Kyoto, Japan) at 25 ◦C, at a mean strain rate of 2.8 × 10−3 s−1 (crosshead speed:
10 mm/min). Stretch-forming tests were performed using the same testing machine used
in the tensile tests to measure the maximum stretch height (Hmax) at which a crack initiates.
The forming temperature was 25 ◦C and the crosshead speed was 1 mm/min. A round
punch tool with a curvature radius of 8.7 mm and a graphite lubricant were employed
for the stretch-forming (Figure 2a). Hole-punching and hole-expanding tests were also
conducted using the same testing machine to measure the hole-expansion ratio (HER)
determined by

HER = (df − d0)/d0 (1)

where d0 and df are the original hole diameter and the hole diameter upon cracking,
respectively. First, a hole with a diameter of 4.76 mm was punched out at 25 ◦C at a
punching rate of 10 mm/min, with a clearance of 10% between the die and punch using
graphite lubricant (Figure 2b). Subsequently, hole expansion tests were performed using
a conical punch tool with a vertical angle of 60 deg. at a crosshead rate of 1 mm/min,
contacting with the roll-over section of the hole-punched specimen (Figure 2c). The hole-
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expanding tests were conducted at 25 ◦C, using a graphite lubricant. At least two specimens
were tested for each condition to obtain the tensile, stretch-forming, and stretch-flanging
properties.

Figure 2. Die dimensions for (a) stretch-forming, (b) hole-punching and (c) hole-expanding tests.

3. Results

3.1. Microstructure

Figure 3 shows typical image quality distribution maps of the Fe-α (BCC) phase and
FE-SEM images of carbon extraction replicas in the 1.5Mn, 3Mn, and 5Mn steels subjected
to the IT process at the temperatures of Mf + (30 ◦C to 70 ◦C). When the IT process was
performed at the temperatures between Ms and Mf, the microstructures of the 1.5Mn and
3Mn steels consisted of a mixture of coarse martensite and bainitic ferrite, MA phase,
retained austenite, and carbide. In Figure 3a–c, the retained austenite phases look like black
phases or points, because of unindexed phases or points. When the IT temperature was
higher than Ms and lower than Mf, their matrix structures changed into a single phase
of bainitic ferrite or martensite, respectively. However, the matrix structure of the 5Mn
steel changed into coarse martensite at all IT temperatures. In these steels, most retained
austenites are mainly present in the MA phase and along the prior austenitic grain, packet,
and block boundaries. The size of the coarse martensite and retained austenite phases
tends to decrease with increasing Mn content. Most carbides precipitated only in coarse
martensite. With increasing Mn content, both the volume fractions of the MA phase and
carbide increases (see the bottom of Figure 3). The prior austenitic grain size slightly
decreases with increasing Mn content, with a similar grain morphology.

Table 2 and Figure 4 show the initial volume fraction and carbon concentration of
retained austenite and the strain-induced transformation factor (k) in the 1.5Mn, 3Mn,
and 5Mn steels. The k means the mechanical stability of retained austenite defined by the
following equation [9],

k = (log fγ0 − log fγ)/ε (2)

where fγ0 is the initial volume fraction of retained austenite and fγ is the retained austenite
fraction after plastically strained to ε. The volume fractions of retained austenite in the
1.5Mn and 3Mn steels increase with increasing IT temperature. On the other hand, the
volume fraction of the 5Mn steel becomes peak at an IT temperature between Ms and
Mf and drastically decreases at the IT temperatures above Ms. When the initial retained
austenite fractions of the steels are compared at an IT temperature range between Ms and
Mf, the retained austenite fraction increases with increasing Mn content. The maximum
initial carbon concentrations of the steels are obtained at the IT temperatures between Ms
and Mf. The initial carbon concentration roughly decreases with increasing Mn content.
This is considered to be caused by the stabilization effect of Mn enrichment in the retained
austenite [21]. Although the IT temperature dependence of k-value is complex, the k-values
of the 3Mn and 5Mn steels are lower than that of the 1.5Mn steel, except for the k-values at
TIT > 350 ◦C in the 3Mn steel. The lower k-values of the 5Mn steel may be caused by that
most of the retained austenites are finer than that of the 1.5Mn steel and surrounded by
fine martensite.
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Figure 3. (a–c) Image-quality distribution maps of α-Fe (BCC) phase and (d–f) FE-SEM images of replicas in the 1.5Mn
(a,d), 3Mn (b,e), and 5Mn (c,f) steels subjected to the IT process at TIT = 370 ◦C, 280 ◦C, and 180 ◦C, respectively. The IT
temperatures correspond to Mf + (30 ◦C to 70 ◦C). PAGB, PB, and BB: prior austenitic grain, packet, and block boundaries,
respectively. αm: coarse martensite, αm*: fine martensite, αbf: bainitic ferrite, γR: retained austenite, θ: carbide, MA: mixed
phase of αm* and γR. f MA and fθ are volume fractions of the MA phase and carbide, respectively. RD and TD represent
rolling and thickness directions, respectively.

Figure 4. Variations in (a) initial volume fraction (fγ0) and (b) carbon concentration (Cγ0) of retained austenite and (c) strain-
induced transformation factor (k) as a function of isothermal transformation temperature (TIT) in the 1.5Mn (�), 3Mn (�),
and 5Mn (•) steels.
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Table 2. Retained austenite characteristics, tensile properties, stretch-formability, and stretch-flangeability of the 1.5Mn,
3Mn, and 5Mn steels subjected to the IT process. Gray color zones correspond to IT temperatures between Ms and Mf of the
steels. Dotted frames correspond to the IT temperatures between Ms and Mf − 100 ◦C.

Steel TIT fγ0 Cγ0 k YS TS UEl TEl RA Hmax
TS ×
Hmax

HER
TS ×
HER

1.5Mn

25 2.8 0.52 - 1110 1527 4.0 8.7 40.3 7.73 11.8 27.4 41.8
100 4.7 0.73 13.5 940 1576 4.2 8.7 42.5 7.18 11.3 17.3 27.3
200 3.4 0.15 11.9 820 1580 5.3 9.9 42.4 8.33 13.2 37.6 59.4
250 4.5 0.30 - 960 1482 6.2 12.7 50.5 7.53 11.2 37.8 56.0
300 5.5 0.31 5.7 970 1438 4.3 10.4 48.0 8.70 12.5 42.8 61.5
350 4.5 0.93 - 960 1244 3.7 10.8 59.9 8.66 10.8 44.6 55.6
370 8.1 1.18 5.7 1025 1274 5.3 13.8 59.2 8.35 10.6 56.3 71.7
400 8.1 1.16 2.8 910 1111 4.2 12.1 65.4 9.23 10.3 64.9 72.2
450 12.8 1.10 - 690 887 16.2 24.8 63.7 9.43 8.4 59.5 52.8

3Mn

25 1.1 0.08 - 1180 1656 4.7 4.7 1.0 7.93 13.1 30.7 50.8
100 1.8 0.16 5.3 1070 1603 6.5 14.1 54.5 7.92 12.7 26.1 41.9
200 4.3 0.06 8.0 970 1546 8.1 16.0 51.5 8.20 12.7 32.9 50.8
250 8.2 0.20 8.0 940 1481 7.2 14.5 53.1 8.45 12.5 28.8 42.6
280 8.3 0.58 8.0 1035 1375 6.9 14.6 56.5 8.39 11.5 30.3 41.7
300 7.6 0.84 3.3 1060 1345 5.7 13.6 56.7 8.43 11.3 37.6 50.6
350 9.0 0.73 6.7 930 1268 10.8 17.7 50.3 8.39 10.6 33.4 42.3
400 14.3 0.51 8.6 700 1265 13.3 18.5 39.2 7.23 9.1 1.6 2.0

5Mn

25 1.2 - - 1230 1907 5.3 5.3 5.0 2.40 4.6 2.7 5.2
100 3.9 - 5.3 930 1757 7.7 15.4 54.2 6.26 11.0 16.7 29.3
180 7.6 0.14 8.7 968 1633 7.8 14.6 46.6 5.74 9.4 22.9 37.4
200 8.2 0.09 6.9 970 1603 8.1 14.6 45.3 6.99 11.2 13.4 21.4
250 14.6 0.34 8.7 870 1519 9.7 15.6 43.4 4.84 7.4 4.8 7.2
300 8.6 0.26 2.7 1000 1537 2.0 2.0 2.0 1.38 2.1 1.7 2.6
350 1.8 0.23 2.1 1200 1360 2.0 2.0 2.0 1.44 2.0 1.6 2.1

TIT (◦C): IT temperature, fγ0 (vol.%): initial volume fraction of retained austenite, Cγ0 (mass%): initial carbon concentration of retained
austenite, k: strain-induced transformation factor, YS (MPa): yield stress or 0.2% offset proof stress, TS (MPa): tensile strength, UEl (%):
uniform elongation, TEl (%): total elongation, RA (%): reduction of area, Hmax (mm): maximum stretch height, HER (%): hole-expansion
ratio.

3.2. Tensile Properties

Figure 5 shows the typical engineering stress–strain curves and the instantaneous
strain-hardening exponent-true strain curves of the 1.5Mn, 3Mn, and 5Mn steels subjected
to the IT process at Mf + (30 ◦C to 70 ◦C). Figure 6 and Table 2 show the tensile properties
of these steels. The 5Mn steel has the highest tensile strength and instantaneous strain-
hardening exponent (Figure 5), which result from a high concentration of Mn, the high MA
fraction, and the strain-induced transformation of a large amount of retained austenite [30].
In all steels, the diffuse necking occurs at a relatively early strain, namely at half of the total
fracture strain (Figure 5a), similar to conventional quenched and tempered martensitic steel.
It is noteworthy that severe serration hardly appears on the flow curve of the 5Mn steel,
differeing from a duplex type 5Mn steel having the same chemical composition [21,36,37].

The 5Mn steel also possesses much larger uniform and total elongations (UEl and TEl)
than the 1.5Mn steel at an IT temperature range between 100 ◦C and 250 ◦C, as with the
3Mn steel at an IT temperature range between 100 ◦C and 400 ◦C (Figure 6b). Note that a
difference in UEl between the 1.5Mn and 5Mn steels is smaller than that in the TEl. This
indicates that the 5Mn steel is characterized by larger local elongation (LEl = TEl − UEl).
When the reduction of area (RA) of these steels was compared in an IT temperature range
between Ms and Mf, the RA decreases with increasing Mn content (Figure 6c). The 3Mn and
5Mn steels subjected to the DQ process (the IT process at 25 ◦C) showed considerably low
UEl, TEl, LEl, and RA, but the IT process at 100 ◦C (<Mf) yielded high UEl, TEl, LEl, and
RA, similar to those subjected to the IT process at the temperatures between Ms and Mf.
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Figure 5. (a) Typical engineering stress–strain (σ-ε) curves and (b) instantaneous strain hardening exponent-true strain
(n-εT) curves of the 1.5Mn, 3Mn, and 5Mn steels subjected to the IT process at TIT = 370 ◦C, 280 ◦C, and 180 ◦C, respectively.
The IT temperatures are corresponding to Mf + (30 ◦C to 70 ◦C).

◇Figure 6. Variations in (a) yield stress (0.2% offset proof stress) (YS) and tensile strength (TS), (b) uniform (UEl) and total
elongations (TEl), and (c) reduction of area (RA) as a function of IT temperature (TIT) in the 1.5Mn (�), 3Mn (�), and 5Mn
(•) steels.

Figure 7a shows the Mn-content dependences of UEl, TEl, and the products of TS and
UEl and TEl (TS × UEl and TS × TEl), which are averaged values at an IT temperature
range between Ms and Mf − 100 ◦C. Both products of the steels considerably increase with
increasing Mn content, compared with the UEL and TEl. The TEl of the 5Mn steel is larger
than that of the 1.5Mn steel and the same as that of the 3Mn steel, although UEl increases
with increasing Mn content.

◇

Figure 7. Mn content dependences of (a) UEl, TS×UEl, TEl, and TS × TEl and (b) Hmax and TS × Hmax, and (c) HER and
TS × HER which are averaged values of the steels subjected to the IT process at temperatures between Ms and Mf − 100 ◦C
(corresponding to dotted frames in Table 2).
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3.3. Stretch-Formability

Figure 8a–c shows the typical appearance of the 1.5Mn, 3Mn, and 5Mn steel samples
subjected to the IT process at Mf + (30 ◦C to 70 ◦C) after stretch-forming tests. The crack
initiates near the punch head in all steels. Figure 9a and Table 2 show the Hmax of these
steels. The Hmax of the 1.5Mn steel increases with increasing IT temperature. The IT
temperature dependence of the 3Mn steel shows the same tendency as that of the 1.5Mn
steel, except for TIT = 400 ◦C. The high Hmaxs are obtained even in the 1.5Mn and 3Mn
steels with a tensile strength above 1500 MPa. The Hmaxs of the 5Mn steel are lower than
those of the 1.5Mn and 3Mn steels. Moreover, the IT temperature dependence of Hmax
is different from those of the 1.5Mn and 3Mn steels. That is, the Hmax achieves the peak
values at the IT temperatures just above and below Mf. When subjected to the DQ process,
only the 5Mn steel possesses a much low Hmax.

◇

Figure 8. Typical samples of the 1.5Mn, 3Mn, and 5Mn steels respectively subjected to the IT process at 370 ◦C, 280 ◦C, and
180 ◦C after stretch-forming (a−c) and hole-expanding tests (d−f). The IT temperatures are corresponding to Mf + (30 ◦C to
70 ◦C).

◇Figure 9. Variations in (a) maximum stretch height (Hmax) and (b) hole-expansion ratio (HER) as a function of isothermal
transformation temperature (TIT) in the 1.5Mn (�), 3Mn (�), and 5Mn (•) steels.
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Figure 7b shows the average values of the Hmax and the products of TS and Hmax
(TS × Hmax) of the 1.5Mn, 3Mn, and 5Mn steels subjected to the IT process at the tempera-
tures between Ms and Mf − 100 ◦C. The Mn content dependence of TS × Hmax is relatively
small, although the peak value is obtained in the 3Mn steel.

3.4. Stretch-Flangeability

Figure 10 shows the typical shear stress-displacement curves on hole-punching in the
1.5Mn, 3Mn, and 5Mn steels subjected to the IT process at Mf + (30 ◦C to 70 ◦C). The shear
stress increases with increasing Mn content, although it decreases after peak shear stress
in the 3Mn and 5Mn steels. The final punching displacement of the 1.5Mn steel is slightly
larger than those of the 3Mn and 5Mn steels.

Figure 10. Typical shear stress-displacement (τ-δ) curves on hole-punching in 1.5Mn, 3Mn, and 5Mn
steels subjected to the IT process at 370 ◦C, 280 ◦C, and 180 ◦C, respectively. The IT temperatures are
corresponding to Mf + (30 ◦C to 70 ◦C).

Figure 11 shows SEM images of the break section after hole-punching in the 1.5Mn,
3Mn, and 5Mn steels subjected to the IT process at Mf + (30 ◦C to 70 ◦C). A large number of
voids are formed in the punching surface layer of these steels, accompanied by significant
plastic flow. The shear section length decreases with increasing Mn content (see the bottom
of Figure 11). When the void properties are measured in a region from surface to 50 μm
depth, the average void diameter increases with increasing Mn content, although the void
density decreases with increasing Mn content.

Figure 11. SEM images of break section after hole punching of (a) the 1.5Mn, (b) 3Mn, and (c) 5Mn steels subjected to the IT
process at TIT = 370 ◦C, 280 ◦C, and 180 ◦C, respectively. The IT temperatures are corresponding to Mf + (30 ◦C to 70 ◦C).
ss/t: a ratio of shear section length (ss) to thickness (t), Nv: void density, Dv: average void diameter.
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Figure 8d–f shows the typical appearance of the 1.5Mn, 3Mn, and 5Mn steel samples
subjected to the IT process at Mf + (30 ◦C to 70 ◦C) after hole-expanding tests. A few cracks
initiate at the punched surface without necking in all steels. Figure 9b and Table 2 show the
HER of these steels. The IT temperature dependences of HER of the 1.5Mn, 3Mn, and 5Mn
steels resemble those of the Hmax (Figure 9b). However, these IT temperature dependences
appear more prominent than those of the Hmax. In the same way as the UEl, TEl, and RA
of Figure 6b,c, the 5Mn steel subjected to the DQ process possesses a much low HER.

Figure 7c shows the average values of the HER and the products of TS and HER (TS
× HER) of the 1.5Mn, 3Mn, and 5Mn steels subjected to the IT process at the temperatures
between Ms and Mf − 100 ◦C. The Mn-content dependence of the TS × HER drastically
decreases with increasing Mn content, differing from the TS × Hmax. The value of the 5Mn
steel is half that of the 1.5Mn steel. This indicates that the 5Mn steel is disfavorable for cold
hole expansion despite a good tensile ductility.

4. Discussion

In general, stress states of sheet forming can be classified into four modes [38], namely

• deep drawing [stretch (tension) and shrink (compression)],
• stretch-forming [equi-biaxial stretch (tension)],
• stretch-flanging [stretch (tension)] and
• bending [stretch (tension) and bending].

In a case of stretch-flanging, hole-punching by shearing is conducted before hole-
expanding. Moreover, these formabilities are influenced by the following microstructural
properties in the third generation AHSSs [27–29].

(i) volume fraction and mechanical stability of retained austenite which control the
strain-induced martensite transformation hardening and plastic relaxation of the
localized stress concentration (or TRIP effect),

(ii) MA phase properties such as volume fraction, hardness, etc. which influences the
internal stress hardening and void/crack-initiation and -growth behavior at the
matrix/MA phase. For the M–MMn steel, the following hardening takes part in the
deformation [21],

(iii) Mn concentration or content which contributes to the solid solution hardening and
influences the sizes of prior austenitic grain, coarse martensite, and retained austenite,
as well as the prior austenitic grain boundary strength.

In the following, the stretch-formability and stretch-flangeability of the 1.5Mn, 3Mn,
and 5Mn steels are related to the microstructural properties (i) to (iii), as well as the tensile
ductility.

4.1. Relationship between Tensile Ductility and Microstructural Properties

The UEl, TS × UEl, TEl, and TS × TEl of the present steels increased with increasing
Mn content when they were subjected to the IT process at temperatures between Ms and
Mf − 100 ◦C. The TS × UEl and TS × TEls were constant or decreased with increasing
retained austenite fraction (Figure 12a) and increased with increasing k-values, except
for the TS × TEl of the 5Mn steel (Figure 12b). Such results have been also found in
0.2%C-(1.0−2.5)%Si-(1.0−2.0)%Mn TPF steels tested at room temperature [39]. Sugimoto
et al. [39,40] found that the TS × TEl at optimum warm testing temperatures at which the
mechanical stability of the retained austenite becomes the maximum linearly increased
with increasing initial volume fraction of retained austenite in the TPF steels. So, the results
of Figure 12 are considered to be mainly caused by the low mechanical stability of the
retained austenite, not the retained austenite fraction.
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◇Figure 12. Relationships between TS × TEl and TS × UEl and (a) initial volume fraction (fγ0) and
(b) strain-induced transformation factor (k) of retained austenite in the 1.5Mn (�), 3Mn (�), and 5Mn
(•) steels. The IT temperatures are between Ms and Mf − 100 ◦C.

According to Kobayashi et al. [27], Sugimoto et al. [28], and Pham et al. [29] found
that a given volume fraction of MA phase fraction (10–15 vol.%) improves the TS × TEl
in 0.2%C-1.5%Si-1.5%Mn-1.0%Cr-0.05%Nb TM steel [28]. In the present research, the MA
phase fraction increased with increasing Mn content (Figures 3 and 13b). Therefore, the
high TS × TEl of the 5Mn steel is considered to be mainly associated with the large strain-
hardening behavior (Figure 5b) resulting from the (i), (ii), and (iii), accompanied with the
plastic relaxation of the retained austenite which lowers the localized stress concentration
at the MA phase/matrix interface and resultantly causes the difficult void/crack-initiation,
even high MA phase fraction. The degree of contribution of the (i) to (iii) to the tensile
ductility is summarized in Table 3.

◇

Figure 13. Schematic Mn content dependences of (a) Vickers hardness of matrix (HVm) and initial volume fraction (fγ0)
and strain-induced transformation factor (k) of retained austenite, (b) volume fractions of MA phase (f MA) and carbide (fθ),
and (c) a ratio of shear section length to sheet thickness (ss/t), void density (Nv) and average void diameter (Dv) in the
steels subjected to the IT process at temperatures of Mf + (30 ◦C to 70 ◦C).

Table 3. Degree of the contribution of microstructural property to formability in the 5Mn steel.

Microstructural
Property

Tensile Ductility Stretch-Formability
Stretch-Flangeability

Hole-Punching Hole-Expanding

(i) retained austenite significant increase increase increase slight increase
(ii) MA phase increase significant decrease significant decrease significant decrease

(iii) Mn concentration increase increase unknown unknown

Total of (i) to (iii) significant increase decrease significant decrease
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In Figure 6b, the UEl and TEl of the 5Mn steel subjected to the DQ process (the IT
process at TIT = 25 ◦C) were significantly small compared to those subjected to the IT
process at the temperatures between Ms and Mf − 100 ◦C. This may be mainly caused
by the lower volume fraction and lower carbon concentration (mechanical stability) of
retained austenite (Figure 4a,b).

4.2. Relationship between Stretch-Formability and Microstructural Properties

As well known, the stretch-formability of the third-generation AHSSs is also controlled
by the above (i) to (iii). However, under an equi-biaxial stress state, the strain-induced
transformation of the retained austenite and void/crack-initiation at the MA phase/matrix
interface are promoted, compared with those under a uniaxial tension-stress state [40].
Resultantly, stretch-formability is significantly influenced by strain-induced transformation
and the void/crack-formation behaviors, compared with tensile ductility.

In Figure 7b, the 5Mn steel showed lower Hmax and TS × Hmax than the 1.5Mn and
3Mn steels, despite possessing higher tensile ductility. As shown in Figure 14a, the TS ×
Hmax of the 1.5Mn and 3Mn steels shows a positive linear relationship with the TS × UEl,
although the TS × Hmax of the 5Mn steel was lower than those of the 1.5Mn and 3Mn steels.
As shown in Figure 14b,c, the TS × Hmax of the present steels decreases with increasing
retained austenite fraction and increases with increasing k-value, in the same way as the TS
× UEl and TS × TEl (Figure 12). The volume fraction and mechanical stability of retained
austenite dependences of the TS × Hmax differ from that reported by Sugimoto et al. [39],
while the retained austenite with high mechanical stability considerably increased the
Hmax and TS × Hmax in 0.2%C-(1.0−2.5)%Si-(1.0−2.0)%Mn TPF steels. Therefore, these
dependencies may be caused by the low mechanical stability. In this case, the retained
austenite contributes to the increasing of the TS × Hmax. The 5Mn steel contained a larger
amount of harder MA phase. Therefore, it is considered that the MA phase promotes the
easy void/crack-initiation at the MA phase/matrix interface resulting from the equi-biaxial
stress state and mainly decreases the stretch-formability. The solid-solution hardening of
Mn maybe also contribute to increasing its stretch-formability. The degree of contribution
of the (i) to (iii) on the stretch-formability is summarized in Table 3. It is considered that
the carbides in the 5Mn steel (Figure 3f) hardly influence the Hmax and TS × Hmax because
the amount is small and the crack initiation site is MA phase/matrix interface.

◇Figure 14. Relationships between TS × Hmax and (a) TS × UEl, (b) initial retained austenite fraction (fγ0), and (c) strain-
induced transformation factor (k) in the 1.5Mn (�), 3Mn (�), and 5Mn (•) steels. IT temperatures are between Ms and
Mf − 100 ◦C.

4.3. Relationship between Stretch-Flangeability and Microstructural Properties

According to Sugimoto et al. [7,8,26–28], the stretch-flangeability of the third genera-
tion AHSS sample can be mainly evaluated by
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(1) surface layer damage suffered on hole-punching (severe plastic flow, strain hardening
behavior, and void/crack-initiation damage) and

(2) ductility and crack/void-growth and -connection behaviors on hole-expanding.

The (1) and (2) are controlled by the various metallurgical characteristics, such as
hardness of the matrix structure, MA phase properties, a hardness ratio of the second
phase to the matrix, micro-scale uniformity, retained austenite characteristics, carbide
properties, etc. In the third-generation AHSS, the (1) plays a dominating role in the stretch-
flangeability. When the 1.5Mn, 3Mn, and 5Mn steels were subjected to the IT process at the
temperatures between Ms and Mf − 100 ◦C, the averaged values of HER and TS × HER
linearly decreased with increasing Mn content (Figure 7c). In the following, the relationship
between the stretch-flangeability and the metallurgical characteristics is discussed.

First, let us discuss the effect of hole-punching damage on stretch-flangeability. When
the present steels were subjected to the IT process at the temperatures between Ms and
Mf − 100 ◦C, the 3Mn and 5Mn steels possessed a larger amount of stable retained austenite
than the 1.5Mn steel (Figures 4 and 13a). Also, the microstructure of the 5Mn steel can be
characterized by higher matrix hardness (lower image quality in Figure 3c) and higher
volume fractions of MA phase and carbide than those of the 1.5Mn steel (Figures 3 and 13b).
The hardness ratio of the MA phase to the coarse martensite matrix structure is estimated
to be relatively high because the image quality of the MA phase is significantly low
(Figure 3c). Such microstructural characteristics may promote the void/crack-initiation
on hole-punching. The largest voids were formed in a hole-punched surface layer of the
5Mn steel, although the number of voids was minimum (Figures 11 and 13c). Moreover,
the shear section length was the smallest. Thus, the high MA phase fraction and the
high hardness ratio may result in short shear-section length and large void sizes on hole-
punching in the 5Mn steel. As shown in Figure 10, the final punching displacement of
the 5Mn steel was slightly smaller than that of 1.5Mn steel, although the punching shear
stress was higher than that of 1.5Mn steel. This means that the TRIP effect of the retained
austenite contributes to the reduction of the punching damage (see Table 3).

Next, we discuss the effect of hole-expanding on the stretch-flangeability of the 5Mn
steel. In general, hole-expanding of the third generation AHSSs is mainly controlled by
void/crack growth and connection [27–29]. As most retained austenites near the punched-
hole surface transform to martensite on hole-punching, the untransformed retained austen-
ite is difficult to contribute to the suppression of the void/crack-growth and -connection
on hole-expanding. Therefore, it is considered that the hole-surface damage on punching
resulting from the MA phase (referring to the (ii)) may control its stretch-flangeability, with
a slight contribution from the retained austenite (see Table 3).

The TS × HER increased with increasing TS × RA in the present steels (Figure 15a).
In addition, the TS × HER increases with increasing initial volume fraction of retained
austenite (the line I in Figure 15b) and decreasing k-value (or increasing mechanical stability
of the retained austenite (Figure 15c). This indicates that the retained austenite plays a
positive role in its stretch-flangeability by suppressing the void-initiation on hole-punching,
because it plays a small role in hole-expanding. Therefore, the (ii) preferentially decreases
the HER by the large hole-punching damage and easy void-growth and -connection on
hole-expanding in the 5Mn steel (Table 3), despite the positive contribution from a large
amount of retained austenite. As carbide fraction was relatively small, the effect of carbide
on stretch-flangeability is considered to be negligible. Unfortunately, the effect of the (iii)
on stretch-flangeability is not clear at present.

At the present stage, the discussion about the relationship between stretch-flangeability
and the microstructural properties is not perfect, in the same way as the stretch-formability.
Further detailed investigation of the relationship is expected in the future.
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◇Figure 15. Relationships between TS × HER and (a) TS × RA, (b) initial retained austenite fraction (fγ0), and (c) strain-
induced transformation factor (k) in the 1.5Mn (�), 3Mn (�), and 5Mn (•) steels. The IT temperatures are between Ms and
Mf − 100 ◦C. Dashed lines I and II in (b) represent positive and negative fγ0 dependences of TS × HER, respectively.

4.4. Further Improvement of Stretch-Formability and Stretch-Flangaebility

Finally, we discuss how to improve the Hmax and HER of the 5Mn steel. According to
Sugimoto et al. [35], warm hole-punching and/or hole-expanding at 200 ◦C significantly
increase the TS × HER of duplex type 3Mn and 5Mn steels with reverted austenites
of 24 and 40 vol.%, respectively. Although the present martensite-type 3Mn and 5Mn
steels possess relatively low retained-austenite fractions, it is expected that warm hole-
punching and/or hole-expanding improve the stretch-flangeability because the warm
working or heating increases the mechanical stability of the retained austenite and softens
the matrix and MA phase. Resultantly, the void/crack-initiation, -growth, and -connection
are suppressed and shear-section length is increased. In the same way, warm forming is
expected to increase the stretch-formability.

In this work, the DQ process considerably decreased the Hmax and HER of the 5Mn
steel. According to Kobayashi et al. [27], partitioning (or tempering) after the DQ process
promotes carbon enrichment in the retained austenite and softening of the coarse and
fine martensites, with a slight increase in carbide fraction. Thus, this partitioning is also
considered to enhance the Hmax and HER of the 5Mn steel subjected to the DQ process.
According to Zheng et al. [41], the easiest way to improve the Hmax and HER of the medium
Mn steel is lowering the carbon content.

5. Conclusions

The cold stretch-formability and stretch-flangeability of the martensite type 5Mn
steel subjected to the IT process at the temperatures from above Ms to below Mf were
investigated and were related to the microstructural properties, as well as tensile ductility.
The main results can be summarized as follows:

(1) The highest UEl and TEl were achieved in the 5Mn steel subjected to the IT process at
temperatures between Ms and Mf − 100 ◦C. The TS × UEl and TS × TEl were two and
one-half times those of the 1.5Mn steel (equivalent to the TM steel), respectively. This
was mainly associated with the TRIP effect of a large amount of retained austenite,
accompanied by high strain-hardening by a large amount of MA phase and high Mn
content.

(2) High Hmax was obtained in the 5Mn steel subjected to the IT process at temperatures
between Ms and Mf − 100 ◦C. However, the TS × Hmax was slightly lower than those
of the 1.5Mn and 3Mn steels. In this case, a large amount of metastable austenite and
high Mn content contributed to increasing stretch-formability. However, the presence
of a large amount of MA phase significantly reduced stretch-formability through
facilitating void/crack initiation and growth.

(3) In the 5Mn steel, the IT temperature dependence of the HER resembled that of
the Hmax. However, the optimum TS × HER obtained by the IT process at the
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temperatures between Ms and Mf − 100 ◦C considerably decreased compared to those
of the 1.5Mn and 3Mn steels. The decreased stretch-flangeability of the 5Mn steel
was mainly associated with large hole-punching surface damage, such as short shear
length and the presence of large voids, mainly caused by the high volume fraction
and hardness of the MA phase. The retained austenite contributed to lowering the
hole-punching damage. The effect of Mn content on the stretch-flangeability was not
clear at present.
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Abstract: To apply the duplex type low-carbon medium-manganese steel to the hot/warm-forging
and -stamping products, the influence of cooling process routes immediately after intercritical anneal-
ing such as air-cooling (AC) and isothermal transformation (IT) processes on the impact toughness of
0.2%C-1.5%Si-5%Mn (in mass %) duplex type medium-Mn (D-MMn) steel was investigated. More-
over the microstructural and tensile properties were also investigated. The AC process increased the
volume fraction of reverted austenite but decreased the thermal and mechanical stability in the D-
MMn steel, compared to the IT process. The AC process increased the tensile strength but decreased
the total elongation. The Charpy V-notch impact value and ductile-brittle transition temperature
were deteriorated by the AC process, compared to the IT process. This deterioration of the impact
toughness was mainly related to the reverted austenite characteristics and fracture mode.

Keywords: heat treatment; microstructure; reverted austenite; tensile property; impact toughness;
duplex type medium Mn steel

1. Introduction

The first-, second-, and third-generation advanced high strength steels (AHSSs) re-
cently developed are expected to apply to the automotive sheet products [1–3] and wire-rod
products [4–7]. Among them, the third-generation AHSSs such as Si/Al-Mn transformation-
induced plasticity (TRIP)-aided bainitic ferrite (TBF) [8,9] and martensite (TM) [10,11] steels,
carbide-free bainitic (CFB) steel [12,13], and quenching and partitioning (Q&P) steel [14,15]
bring on great weight reduction and high reliability due to the ultrahigh strength above
980 MPa. The microstructure of the third-generation AHSSs mainly consists of the ma-
trix structure of bainitic ferrite/martensite containing metastable retained austenite of
5–20 vol. %. To obtain a larger amount of reverted austenite, annealed martensite/reverted
austenite duplex type medium Mn (D-MMn) steels with 4–14 mass % Mn [16–21] were also
developed as well as martensite-type medium Mn (M-MMn) steels [22–25] and laminate
type medium Mn (L-MMn) steels [25,26].

The D-MMn steel can easily achieve a higher product of tensile strength and total
elongation (TS × TEl) than 30 GPa% through intercritical annealing and then air cooling
(AC) or quenching in a water/oil bath [16–21]. The D-MMn steel subjected to the AC
process possesses a high-impact absorbed value [27–30]. Thus, some applications of the
D-MMn steel to forging and stamping products [31,32] are reported up to now. Tanino
et al. [21] proposed that an isothermal transformation (IT) process immediately after
intercritical annealing enhances further the TS × TEl and impact absorbed value through
the TRIP effect or strain-induced martensite transformation (SIMT) hardening of a large
amount of metastable reverted austenite in 0.2%C-1.5%Si-5%Mn (in mass %) D-MMn steel.
However, the tensile properties and impact toughness of the D-MMn steels produced with
the AC process are not exactly compared with those subjected to the IT process.
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In the present study, the microstructure, tensile properties, and impact toughness
of the 0.2%C-1.5%Si-5%Mn D-MMn steel subjected to the AC process after intercritical
annealing were compared with those of the steel subjected to the IT process for applica-
tions to hot/warm-forging and stamping products. In addition, the relation between the
impact toughness and microstructural properties, especially metastable reverted austenite
characteristics, was discussed.

2. Materials and Methods

In this study, medium Mn steel with Mn content of 5 mass % (5 Mn steel) was prepared
as 100 kg slabs via vacuum melting. For comparison, slabs containing Mn contents of
1.5 and 3 mass % (1.5 Mn and 3 Mn steels, respectively) were also produced in the same
conditions. The chemical compositions of these slabs are shown in Table 1. These slabs were
heated to 1200 ◦C and then hot-rolled to a thickness of 5 mm with a finishing temperature of
850 ◦C. The hot-rolled plates were then ground to a thickness of 3 mm. The austenitic and
ferritic transformation temperatures (Ac3 and Ac1, respectively) and the martensite start
and finish temperatures (Ms and Mf, respectively) of these steels were determined using
a dilatometer (Thermecmaster-Z, Fuji Electronic Ind. Co., Osaka, Japan). The measured
continuous cooling transformation (CCT) curves of the steels are shown in Figure 1.

Figure 1. CCT diagrams of the 1.5 Mn, 3 Mn and 5 Mn steels. “A”, “F”, “P”, “B” are austenite, ferrite, pearlite, bainite, and
martensite, respectively.

Table 1. Chemical composition (mass %) and austenite-start and -finish temperatures and martensite-start and -finish
temperatures (Ac1, Ac3, Ms, and Mf in ◦C) of steels used.

Steel C Si Mn P S Al N O Ac1 Ac3 Ms Mf

1.5 Mn 0.20 1.49 1.50 0.006 0.0015 0.035 0.0038 <0.001 719 847 420 300
3 Mn 0.20 1.52 2.98 0.006 0.0016 0.037 0.0034 <0.001 689 797 363 220
5 Mn 0.21 1.50 4.94 0.005 0.0016 0.032 0.0020 <0.001 657 741 282 150

Specimens for tensile tests (JIS-14B, 2.5-mm thick, 25 mm gauge in length, 4 mm wide)
and sub-sized V-notched impact tests (JIS-5, 55 mm long, 10 mm wide, 2.5 mm thick) were
machined from the plates along the rolling direction. The specimens were subsequently
subjected to the heat-treatment process shown in Figure 2; (1) austenitizing at 800 to 900 ◦C
and then quenching in an oil bath, (2) intercritical annealing between Ac1 and Ac3 for 1200
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s at 780, 720, and 680 ◦C for the 1.5 Mn, 3 Mn, and 5 Mn sheets of steel, respectively, and
(3) the AC process and IT process at TIT = Ms − 100 ◦C for IT times, tIT, of 500, 1000, and
5000 s in salt and an oil bath. The intercritical annealing temperatures were chosen as
the temperatures at which the ferrite and austenite volume fractions are 50% and 50%,
respectively. The IT temperatures and IT times that give optimum reverted austenite
characteristics were selected from previous research [21].

Figure 2. Heat treatment diagram of the AC and IT processes in the 1.5 Mn (black line), 3 Mn (blue line), and 5 Mn (red line)
steels. OQ: quenching in an oil bath (53.5 ◦C/s), SQ: quenching in a salt bath (24.0 ◦C/s), AC: air cooling (1.2 ◦C/s).

The microstructure of the steels was observed by field-emission scanning electron
microscopy (FE-SEM; JSM-7000F, JEOL Ltd., Akishima, Tokyo, Japan) which was performed
using an electron backscatter diffraction system (EBSD; OIM system, TexSEM Laboratories,
Inc., Prova, UT, USA) with the step size of 0.1 μm. The steel specimens for the FE-SEM–
EBSD analyses were first ground with alumina powder and colloidal silica and then
prepared by ion thinning.

The characteristics of the reverted austenite in the steel samples were quantified by
X-ray diffraction (XRD; RINT2100, Rigaku Co., Akishima, Tokyo, Japan). The specimens
were electropolished after being ground with emery paper (#2000). The volume fraction of
the reverted austenite (fγ, vol. %) was calculated from the integration of the intensities of
the (200)α, (211)α, (200)γ, (220)γ, and (311)γ peaks of the XRD patterns obtained using the
Cu-Kα radiation [33]. The carbon concentration (Cγ, mass %) was estimated by substituting
the lattice constant (aγ; unit of 10−1 nm) measured from the (200)γ, (220)γ, and (311)γ peaks
of the Cu-Kα radiation into the empirical formula proposed by Dyson and Holmes [34].
For convenience, the contents of the added alloying elements were substituted for these
concentrations in this study. In this research, the average values of volume fractions and
carbon concentrations of reverted austenite measured at three locations were adopted, as
well as the lath size of annealed martensite structure.

The thermal stability of the reverted austenite was evaluated in a temperature range
between −196 ◦C and 300 ◦C by measuring the volume fraction change of the reverted
austenite transformed on cooling in dry ice, ethyl alcohol, and/or liquid nitrogen, and
on heating in water and using a pair of plate heaters (70 × 90 mm2). A holding time
of 1200 s was used for cooling and heating. The mechanical stability of the reverted
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austenite was defined using “the strain-induced transformation factor k” in the following
equation [11,21,35],

ln fγ = ln fγ0 − k ε (1)

where fγ0 and fγ are the volume fractions of reverted austenite before and after straining
to the true plastic strain (ε) via tension, respectively.

Tensile tests were carried out at 25 ◦C using a tensile testing machine (AG-10TD,
Shimadzu Co., Kyoto) under a crosshead speed of 1 mm/min (resulting in a strain rate
of 6.67 × 10−4 s−1). The impact tests were conducted on conventional and instrumented
Charpy impact testing machines (CI-300 and CAI300, Tokyo Testing Machine Inc., Tokyo,
Japan) for temperatures in the range of −196 ◦C to 100 ◦C. Liquid nitrogen, dry ice,
ethyl alcohol, and water were used to cool and heat the specimens. The specimens were
held at different testing temperatures for 1800 s before being tested. The impact tests
were performed within 3 s after removing the specimen from the temperature-regulating
medium. The impact properties were evaluated by determining the Charpy V-notch impact
value (Ev) and 50% shear fracture ductile-to-brittle transition temperature (DBTT) of the
specimens. At least three tensile and impact specimens were tested for each condition to
obtain the average values of the tensile properties and Ev at 25 ◦C.

3. Results

3.1. Microstructure and Reverted Austenite Characteristics

Figure 3 shows the microstructures of the 1.5 Mn, 3 Mn, and 5 Mn steels subjected to
the AC and IT processes. The microstructures of the steels subjected to the AC process are
nearly the same as those of the steels subjected to the IT process. The microstructures mainly
consist of an annealed martensite structure matrix and metastable reverted austenite. The
lath size of the annealed martensite structure measured by the line intersecting method is
nearly the same in the cases of the AC and IT processes, although it considerably decreases
with increasing Mn content. Martensite–austenite (MA) phase exists only in the 1.5 Mn
steel. The size of the reverted austenite is nearly the same in all steels, although the volume
fraction increases with increasing Mn content. According to previous research [21], the
dislocation density of the annealed martensite structure of the 5 Mn steel is very low in the
same way as those of the 1.5 Mn and 3 Mn steels.

Figure 4 and Table 2 show the reverted austenite characteristics of the steels subjected
to the AC and IT processes. The AC process decreases the carbon concentration and me-
chanical stability of the reverted austenite compared to the IT process although it increases
the volume fraction of the reverted austenite. The low carbon concentration decreased by
the AC process is considered to be associated with the short carbon-enrichment time of the
reverted austenite. The reverted austenite fraction increases with increasing Mn content in
both processes. On the other hand, the carbon concentration decreases with increasing Mn
content. Unlike the Mn content dependence of carbon concentration, the 3 Mn steel shows
the highest k-value and the 5 Mn steel exhibits an intermediate k-value between the 1.5 Mn
and 3 Mn steels.
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Figure 3. Phase maps of SEM-EBSD in the 1.5 Mn, 3 Mn and 5 Mn steels subjected to (a–c) the AC and (d–f) IT processes.
Green and red phases denote annealed martensite (αam) and reverted austenite (γR), respectively. “MA” represents the
martensite-austenite phase. Average lath sizes of annealed martensite in the 1.5 Mn, 3 Mn, and 5 Mn steels subjected to the
AC and IT processes are 4.3 μm, 3.1 μm, and 2.4 μm, respectively.

Table 2. Reverted austenite characteristics, tensile properties at 25 ◦C and impact toughness properties of the 1.5 Mn, 3 Mn,
and 5 Mn steels subjected to the AC and IT processes.

Process Steel fγ0 Cγ0 k YS TS UEl TEl RA TS × TEl Ev (1) Ev (2) DBTT

1.5
Mn 14.1 0.72 10.3 415 924 25.7 33.8 48.1 31.2 123 132 −30

AC 3 Mn 24.8 0.55 23.4 320 1192 20.8 22.4 34.8 25.1 44 135 60
5 Mn 38.5 0.46 12.1 710 1256 32.0 36.8 29.7 46.2 64 148 35

1.5
Mn 11.4 0.95 5.0 500 875 22.2 32.4 57.3 28.3 175 178 −65

IT 3 Mn 17.3 0.68 15.3 495 977 21.4 28.3 59.6 27.6 105 153 10
5 Mn 36.2 0.52 9.4 680 1161 35.7 41.6 52.1 48.3 131 171 −30

fγ0 [vol. %]: initial volume fraction of reverted austenite, Cγ0 [mass %]: initial carbon concentration of reverted austenite, k: strain-induced
transformation factor, YS [MPa]: yield stress or 0.2% offset proof stress, TS [MPa]: tensile strength, UEl [%]: uniform elongation, TEl [%]:
total elongation, RA [%]: reduction of area, Ev [J/cm2]: Charpy V-notch impact value at 25 ◦C (1) and 100 ◦C (2), DBTT [◦C]: ductile-brittle
transition temperature.

Figure 5 shows the variations in reverted austenite fraction after cooling to −196 ◦C
and heating to 300 ◦C in the 1.5 Mn, 3 Mn, and 5 Mn steels subjected to the AC and IT
processes. The critical cooling temperature at which the reverted austenite fraction starts
to decrease is lower than room temperature in both processes although the AC process
raises slightly the critical cooling temperature. In the 1.5 Mn steel subjected to the IT
process and the 3 Mn steel subjected to the AC process, the heating to temperatures above
150 ◦C and 250 ◦C decreases the reverted austenite fraction, respectively. According to
Sugimoto et al. [36], the decrease in the reverted austenite fraction on cooling is owing
to the ε-martensite transformation due to the decreased stacking fault energy of the re-
verted austenite [37,38]. On the other hand, the decrease in the reverted austenite fraction
on heating may be caused by bainite transformation (or decomposition into ferrite and
carbide) [35]. The decreases in the reverted austenite fraction by cooling in the 1.5 Mn, 3
Mn, and 5 Mn steels subjected to the AC process are larger than those subjected to the IT
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process. In both processes, the largest decrease in the reverted austenite fraction results in
the 3 Mn steel.

Figure 4. Variations in (a) initial volume fraction (fγ0), (b) initial carbon concentration (Cγ0), and (c) strain-induced
transformation factor (k) of reverted austenite as a function of Mn content in the steels subjected to the AC (•) and IT (�)
processes after intercritical annealing.

Figure 5. Variations in volume fraction of reverted austenite with cooling and heating temperature (Tch) in the 1.5 Mn,
3 Mn, and 5 Mn steels subjected to (a) the AC and (b) IT processes. (i) and (ii) in (a) represent the decreases of reverted
austenite by ε-martensite transformation [36] and bainite transformation (or decomposition into ferrite and carbide) [35],
respectively. (b) is reprinted with permission from Wily-VCH GmbH, Weinheim: Steel Res. Int., Copyright 2021.

3.2. Tensile Properties at 25 ◦C

Typical engineering stress–strain curves at Tt = 25 ◦C in the 1.5 Mn, 3 Mn, and 5 Mn
steels subjected to the AC and IT processes are shown in Figure 6. In all steels subjected to
both processes, significant strain hardening takes place, although the yield plateau occurs
in an early strain stage only in the 5 Mn steel. Moreover, many serrations occur only in the
5 Mn steel subjected to both processes.
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Figure 6. Engineering stress–strain (σ-ε) curves of (a) overall and (b) early strain ranges in the 1.5 Mn, 3 Mn, and 5 Mn
steels subjected to the AC (thick lines) and IT (thin lines) processes.

Tensile properties of the corresponding steels are shown in Figure 7 and Table 2. The
AC process increases the tensile strength compared to the IT process but decreases the
yield stress or 0.2% offset proof stress except for the 5 Mn steel. In addition, the AC process
brings on nearly the same TS × TEl as the IT process in all steels although it decreases the
uniform and total elongations except for the 1.5 Mn steel.

In both processes, the 5 Mn steel exhibits the highest yield stress and tensile strength
and the largest uniform and total elongations owing to the TRIP effect or SIMT hardening
by a large amount of metastable reverted austenite and solid solution hardening by high
Mn concentration, although the reduction of the area is the lowest [21]. The 5 Mn steel
exhibits a superior TS × TEl (>45 GPa%). The 3 Mn steel possesses lower yield stress
and higher tensile strength than the 1.5 Mn steel. The uniform and total elongations and
reduction of the area are lower than those of the 1.5 Mn steel, despite a high reverted
austenite fraction. The TS × TEl of the 3 Mn steel is lower than that of the 1.5 Mn steel.

Figure 7. Variations in (a) yield stress or 0.2% offset proof stress (YS) and tensile strength (TS), (b) uniform and total
elongations (UEl and TEl), and (c) the product of TS and TEl (TS × TEl) as a function of Mn content in the steels subjected to
the AC (•) and IT (�) processes after intercritical annealing.

3.3. Impact Toughness

Figure 8a,b shows the Mn content dependences of the Ev and the product of TS and
Ev (TS × Ev) at Tt = 25 ◦C and 100 ◦C in the steels subjected to the AC and IT processes,
respectively. The AC process deteriorates the Ev and TS × Ev at 25 ◦C in all steels, compared
to the IT process. In both processes, the 3 Mn steel exhibits minimum Ev. The Ev and
TS×Ev are considerably increased by 100 ◦C test with shorter error bars than them at 25 ◦C,
especially in the 5 Mn steel subjected to the AC process. In this case, the Ev of the 5 Mn steel
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is higher than that of the 1.5 Mn steel because an upper shelf Ev appears at temperatures
above 100 ◦C as mentioned later. The TS × Evs at 100 ◦C of the 3 Mn and 5 Mn steels
subjected to the AC and IT processes are nearly the same (Figure 8b).

Figure 8. Variations in (a) Charpy V-notch impact value (Ev) and (b) the product of tensile strength and Ev (TS × Ev) at
Tt = 25 ◦C (circle marks) and 100 ◦C (triangle marks) and (c) 50% shear fracture ductile-brittle transition temperature (DBTT)
as a function of Mn content in the steels subjected to the AC (•�) and IT (��) processes. In (b), (i) and (ii) represent the
contributions of mechanical stability and volume fraction of reverted austenite, respectively.

Figure 9 shows the impact load-displacement (P-δ) curves at Tt = 25 ◦C in the 1.5 Mn,
3 Mn, and 5 Mn steels subjected to the AC and IT processes. It is found that low Evs of
1.5 Mn, 3 Mn, and 5 Mn steels subjected to the AC process mainly caused by low crack-
propagation energy (Ep), although low Ev of the 1.5 Mn steel subjected to the AC process is
also associated with the low crack-initiation energy (Ei).

Figure 9. Impact load-displacement (P-δ) curves at Tt = 25 ◦C of (a) the 1.5 Mn, (b) 3 Mn, and (c) 5 Mn steels subjected to the
AC (thick lines) and IT (thin lines) processes. Ei and Ep are crack-initiation and propagation energies, respectively, where Ei

+ Ep = Ev.

Figure 10a shows the relation between the Ev and TS in the 1.5 Mn, 3 Mn, and 5 Mn
steels subjected to the AC and IT processes which was tested at Tt = 25 ◦C and 100 ◦C.
At a testing temperature of 25 ◦C, the 5 Mn steel subjected to the AC process shows an
equal Ev and TS × Ev to JIS-SCM420 steel quenched and tempered, and the 3 Mn steel
exhibits lower Ev and TS × Ev than JIS-SCM420 steel. On the other hand, the Ev and
TS × Ev at Tt = 100 ◦C of the 5 Mn steel subjected to the AC and IT process significantly
increase compared to those of JIS-SCM420 steel, in the same way as the 3 Mn steel. When
compared to the Ev of martensite-type 5 Mn steel, the TS × Evs at Tt = 100 ◦C of 5 Mn steel
subjected to the AC and IT processes are higher than that at Tt = 25 ◦C (151.4 GPa J/cm2)
of martensite-type 5 Mn steel [23].
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Figure 10. Variations in (a) Charpy V-notch impact value (Ev) at Tt = 25 ◦C and 100 ◦C and (b) ductile-brittle transition
temperature (DBTT) with tensile strength (TS) in the 1.5 Mn, 3 Mn, and 5 Mn steels subjected to the AC (solid marks) and IT
(open marks) processes. : Ev at Tt = 25 ◦C and DBTT of JIS-SCM420 steel (0.21%C-0.21%Si-0.77%Mn-1.0%Cr-0.2%Mo)
quenched and tempered at 200 ◦C to 600 ◦C [7,21]. This figure is reproduced based on Ref. [21]. Copyright permission
obtained.

Figure 11 shows the variations in the Ev with the testing temperature of the 1.5 Mn,
3 Mn, and 5 Mn steels subjected to the AC and IT processes. Figure 10b shows the relation
between the DBTT and TS of various steels. The AC process brings on higher DBTT than
the IT process in the 1.5 Mn, 3 Mn, and 5 Mn steels. The DBTTs of 1.5 Mn, 3 Mn, and
5 Mn steels subjected to both processes are higher than those of quenched and tempered
JIS-SCM420 steel. This result is very different from the result that the DBTTs of martensite-
type 1.5 Mn, 3 Mn, and 5 Mn steels (−70 ◦C, −50 ◦C, and −50 ◦C, respectively, in a tensile
strength range of 1274 MPa to 1633 MPa) are lower than those of the JIS-SCM420 steel [23].
It is noteworthy that the DBTTs of the 3 Mn and 5 Mn steels subjected to the AC process
are higher than room temperature (25 ◦C). In both processes, the 1.5 Mn and 3 Mn steels
exhibit the lowest and highest DBTTs, respectively.

Figure 11. Variations in Charpy V-notch impact value (Ev) with impact test temperature (Tt) in the 1.5 Mn, 3 Mn, and 5 Mn
steels subjected to (a) the AC and (b) IT processes. (b) is reprinted with permission from Spring Nature: Metall. Mater.
Trans. A, Copyright 2021.
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Figure 12 shows SEM images of fracture surfaces of the 1.5 Mn, 3 Mn, and 5 Mn steels
subjected to the AC process after impact tests at 25 ◦C and −196 ◦C. In Figure 12a–c, the
fracture of all steels appears as dimple one. The fracture surface of the 3 Mn and 5 Mn steels
is characterized by uniform fine dimples, different from that of 1.5% Mn steel consisting of
both coarse and fine dimples. In Figure 12d–f, conventional cleavage fracture is observed
in the 1.5 Mn steel fractured at −196 ◦C, but non-quasi-cleavage fracture appears on the
surface of the 5 Mn steel although a small amount of cleavage facet coexists with the
non-quasi-cleavage fracture. The 3 Mn steel shows a similar fracture surface to 5 Mn steel.
The above-mentioned non-quasi-cleavage fracture looks like an inter-granular fracture
along prior austenitic grain boundary which appeared in the 5 Mn steel subjected to the IT
process [21].

Figure 12. SEM images of fracture surface in the 1.5 Mn, 3 Mn, and 5 Mn steels subjected to the AC process after impact
tests at (a–c) 25 ◦C and (d–f) −196 ◦C.

4. Discussion

4.1. Ev at 25 ◦C and 100 ◦C

The 5 Mn steel subjected to the IT process possessed lower Ev and TS × Ev at 25 ◦C
than the 1.5 Mn steel subjected to the same process (Figure 8a,b). According to Sugimoto
et al. [21], they are essentially caused by the SIMT (or TRIP effect) of a large amount
of reverted austenite, solid solution hardening of the matrix structure by high solute
Mn concentration and microstructure-refining, although low mechanical stability of the
reverted austenite plays a role in reducing these values. The SIMT suppresses the void or
dimple formation through the plastic relaxation of localized stress concentration by volume
change from the reverted austenite to martensite. The present 3 Mn steel subjected to the IT
process exhibited the minimum Ev and TS × Ev (Figure 8a,b). Sugimoto et al. [21] showed
that this was mainly associated with lower mechanical stability than that of the 5 Mn steel
(Figure 4b,c), as well as lower volume fraction (Figure 4c) and larger inter-particle path of
reverted austenite. In the 1.5 Mn steel, the MA phase plays a role in forming coarse dimples
and resultantly increases the Ev, as well as the SIMT of the reverted austenite [21,39].
The 3 Mn and 5 Mn steels subjected to the IT process showed uniform fine dimple fracture
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on impact test at 25 ◦C. In this case, the dimples were mainly initiated at the reverted
austenite (or the strain-induced martensite)/matrix structure interface [21].

In the present study, the AC process decreased the Ev at 25 ◦C in the 5 Mn steel,
compared to the IT process, in the same way as the 1.5 Mn and 3 Mn steels (Figure 8a). In
all steels, dimple fracture was observed, although the mixed coarse and fine dimples were
formed only in the 1.5 Mn steel (Figure 12a–c). Figure 9c showed that the decrease in the
Ev was mainly caused by low crack-propagation energy. As shown in Figure 4, the AC
process increased the reverted austenite fraction but decreased the mechanical stability of
the reverted austenite (increased the k-value). As the other microstructures were nearly the
same between the steels subjected to the AC and IT processes, the decreased mechanical
stability is considered to mainly reduce the Ev due to the easy SIMT which promotes easy
void formation at the strain-induced martensite/annealed martensite interface and the
resultant easy void propagation and connection. High Ev of the 1.5 Mn steel subjected to
the AC process may be caused by a small amount of MA phase like in the case of the IT
process.

As shown in Figure 8a, Figure 10a, and Figure 11, the impact test at 100 ◦C significantly
increased the Ev and TS × Ev in the 3 Mn and 5 Mn steels subjected to the AC process,
compared to the IT process. Sugimoto et al. [36] investigated the testing temperature
dependence of the mechanical stability of reverted austenite in the 1.5 Mn, 3 Mn, and 5 Mn
steels subjected to the IT process and found that the mechanical stability of the 3 Mn and
5 Mn steels is considerably influenced by the testing temperature compared to that of the
1.5 Mn steel as shown in Figure 13. Namely, the mechanical stability at the temperatures
lower than 25 ◦C is lower than that of the 1.5 Mn steel but at temperatures between 100 ◦C
and 200 ◦C it is higher than that of 1.5 Mn steel. If a similar testing temperature dependence
of the k-value is obtained in the AC process, although the k-values are higher than those of
the IT process because of lower carbon concentration (Figure 4b), the increased mechanical
stability of reverted austenite is considered to increase the Evs and TS × Evs at 100 ◦C in
the 3 Mn and 5 Mn steels subjected to the AC process.

Figure 13. Variations in k-value with tensile test temperature (Tt) in the 1.5 Mn, 3 Mn and 5 Mn steels
subjected to the IT process [36]. “SIMT” and “SIBT” represent the strain-induced martensite and
bainite transformation, respectively. Reprinted with permission from Wily-VCH GmbH, Weinheim:
Steel Res. Int., Copyright 2021.

4.2. DBTT

In general, Mn plays a role in increasing the DBTT due to Mn segregation on the
prior austenitic grain boundary [40–42]. According to Yamanaka and Kowaka [43], Mn
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addition below 2 mass % lowers the DBTT but Mn addition above 5 mass % raises the
DBTT in 0.002%C-(1−7.5)%Mn ferritic steels. In the latter, inter-granular fracture occurred
at a low-temperature range, not cleavage fracture. Tanaka et al. [44] investigated the effect
of Mn addition on the DBTT in 0.002%C-(0−2)%Mn-0.03%Ti ferritic steels and showed that
Mn raises the DBTT by lowering the surface energy for inter-granular fracture. Based on
the above results and SEM observation of the fracture surface, Sugimoto et al. [21] reported
that high DBTTs of the 3 Mn and 5 Mn steels subjected to the IT process are associated with
the inter-granular fracture in a brittle fracture temperature range and non-quasi-cleavage
fracture (inter-granular fracture) (Figure 14b), although the quasi-cleavage fracture pre-
dominantly occurs in the 1.5 Mn steel with low DBTT (Figure 14a). They also proposed that
the inter-granular fracture resulted from (i) high Mn segregation and (ii) a large amount
of unstable reverted austenite (or strain-induced martensite) on the prior austenitic grain
boundaries. Tanaka et al. [44] also reported that solute Mn decreases the activation energy
of dislocation glide at low temperatures like Ni and suppresses the cleavage fracture.
According to Sugimoto et al. [23], quasi-cleavage fracture occurred at −196 ◦C in the
martensite-type 5 Mn steel with a small amount of retained austenite (7.6 vol. %). This
indicates that a large amount of reverted austenite also suppresses the cleavage fracture
and promotes the inter-granular fracture in the present 5 Mn steel subjected to the AC and
IT processes.

Figure 14. Brittle fracture morphology at −196 ◦C appeared on the fracture surface of impact tested samples of (a) the
1.5 Mn and (b) 5 Mn steels subjected to the AC and IT processes. The 3 Mn steel shows the intermediate fracture mode in
which quasi-cleavage fracture and inter-granular fracture are coexisting.

According to Kunitake et al. [45], the DBTT of 0.12%C-0.30%Si-0.83%Mn-0.30%Cu-
1.11%Ni-0.53%Cr-0.49%Mo-0.03%V steel with the microstructure of martensite and marten-
site/lower bainite structures correlates with the unit crack path (dp) on the quasi-cleavage
fracture surfaces as given by the following equation,

DBTT = E − Z × log dp
−1/2. (2)

where E and Z are the material’s constants. The unit crack path is corresponding to the
packet size. Figure 15 shows the relation between the DBTT and dp for various steels. The
DBTTs of quenched and then tempered JIS-SCM420 steel are also plotted in the figure. In
this case, the grain facet sizes of the 3 Mn and 5 Mn steels were assumed to be the same as
the dp. If the slopes of these DBTT versus log dp

−1/2 lines are assumed to be similar to that
reported by Kunitake et al. [45], the 3 Mn and 5 Mn steels subjected to the IT process had
higher DBTTs by 128 ◦C (ΔDBTT1) than the 1.5 Mn steel and JIS-SCM420 steel. This means
that the dp of cleavage fracture is equivalent to grain facet size in the 5 Mn steel and the
ΔDBTT1 is associated with the inter-granular fracture.
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Figure 15. Relationship between 50% shear fraction ductile-brittle transition temperature (DBTT)
and unit crack path (dp) for the 1.5 Mn (•�), 3 Mn ( ), and 5 Mn ( ) steels subject to the AC (solid
marks) and IT (open marks) processes and JIS-SCM420 ( ) steel quenched and then tempered at
200 ◦C and 300 ◦C. A dotted line represents the DBTT of 0.12%C-0.30%Si-0.83%Mn-0.30%Cu-1.11%Ni-
0.53%Cr-0.49%Mo-0.03%V steel with the microstructure of martensitic (αm) or martensitic/bainitic
(αm + αb) structures [45]. This figure is reproduced based on Ref. [21]. Copyright obtained.

The AC process further raised the DBTTs of the 3 Mn and 5 Mn steels by 33 ◦C
(ΔDBTT2), compared to the IT process (see Figure 15). The AC process increased the
reverted austenite fraction but decreased the thermal and mechanical stability, compared
to the IT process in the 1.5 Mn, 3 Mn, and 5 Mn steels. Because the AC process produced
the same microstructure as the IT process except for the reverted austenite characteristics,
an increase in the DBTT (ΔDBTT2) of the 3 Mn and 5 Mn steels subjected to the AC process
may be mainly caused by the further decrease in the mechanical stability of reverted
austenite.

In this case, the inter-granular fracture raises the DBTT by ΔDBTT1 in the same way
as the IT process.

5. Conclusions

The reverted austenite characteristics, tensile properties, and impact toughness of
0.2%C–1.5%Si–5.0%Mn D-MMn steel subjected to the AC process were compared with
those subjected to the IT process. The main results obtained are as follows:

(1) The AC process increased the volume fraction of reverted austenite in the annealed
martensite matrix structure of the 5 Mn steel, but decreased the thermal and mechani-
cal stability, compared to the IT process.

(2) The AC process increased the tensile strength but decreased the total elongation. The
TS × TEl was hardly influenced by the cooling process routs.

(3) The TS × Ev at 25 ◦C of the 5 Mn steel was deteriorated by the AC process compared
to the IT process, although at 100 ◦C it improved by the AC process in the same way as
the IT process. The deterioration of the impact toughness at 25 ◦C was mainly caused
by the decreased mechanical stability of reverted austenite, although the increased
volume fraction of metastable reverted austenite contributed to improving the impact
toughness.

(4) The AC process further raised the DBTT of the 5 Mn steel compared to the IT process.
The high DBTT was mainly associated with the further decrease in the thermal and
mechanical stability of the reverted austenite, as well as the inter-granular fracture in
a brittle fracture temperature range in a similar way as the IT process.
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Abstract: The open die forging sequence design and optimization are usually performed by simulating
many different configurations corresponding to different forging strategies. Finite element analysis
(FEM) is a tool able to simulate the open die forging process. However, FEM is relatively slow and
therefore it is not suitable for the rapid design of online forging processes. A new approach is proposed
in this work in order to describe the plastic strain at the core of the piece. FEM takes into account
the plastic deformation at the core of the forged pieces. At the first stage, a thermomechanical FEM
model was implemented in the MSC.Marc commercial code in order to simulate the open die forging
process. Starting from the results obtained through FEM simulations, a set of equations describing the
plastic strain at the core of the piece have been identified depending on forging parameters (such as
length of the contact surface between tools and ingot, tool’s connection radius, and reduction of the
piece height after the forging pass). An Artificial Neural Network (ANN) was trained and tested in
order to correlate the equation coefficients with the forging to obtain the behavior of plastic strain at
the core of the piece.

Keywords: open die forging; artificial neural network; fast simulator; process optimization

1. Introduction

Forged steels represent a quite interesting material family, both from a scientific and commercial
point of view, following many applications they can be devoted to [1]. Moreover, it is essential to
deeply understand the relations between properties and microstructure and how to drive them by
process [2–6]. Such steels are widely applied in the machining and forming industry [7–9], in automotive
applications [10], and in other fields including aerospace, transport, and precision industries [11–13].
Moreover, along with the development of the energy industry and the growing power of power
engineering devices, the demand for large-sized hot-forged products has also increased. This includes
turbine shafts (water, gas, steam), rotors for wind, and gas power generators [14]. The forecast of
the Forging Industry Association (FIA) regarding the steady increase in demand for forgings used
in the power engineering and oil industries was confirmed at the 20th International Forgemasters
Meeting (IFM’2017) in Austria. Furthermore, based on data from EUROFORGE (an organization that
associates European production associations, including the Polish Forge Association), the volume of
forged products has been growing steadily, and in 2020 it will reach over 10 million tons. The global
forging market is likely to grow significantly at a compound annual growth rate (CAGR) of close to 8%,
reaching USD 111.1 billion by 2020, according to Technavio’s latest report [15].
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In all the above applications, forgings are adopted following a requirement in terms of increasing
manufacturing economic efficiency and enhancing mechanical properties, such as high strength, wear
resistance, hardness, and toughness [16,17].

Free forging is the oldest forging method commonly adopted to forge heavy charge materials in
short production runs. High-pressure hydraulic forging presses are on the other hand used in open
die forging of heavy steel forgings (carbon, alloy, high-alloy, stainless and other steels). Open die
forging is an incremental forging process that is mainly used to produce large parts requiring high
mechanical properties and reliability of the forged parts [16]. In the steel industry, there is a need
to produce several large components characterized by high weight, which require high press loads.
Such components can be spindles, rolls for rolling mills as well large turbine shafts and nuclear reactor
vessels [18,19]. In the open die forging process, the workpiece is processed using dies, which can be flat
or shaped (e.g., concave or V-shape). The piece undergoes a plastic deformation at high temperature
when is pressed by a series of multiple strokes along the feed direction. In this way the piece changes
both its geometry and internal properties [20].

The forging process is able to reduce many defects induced by casting process (e.g., cavities,
porosities), thus allowing to manufacture almost defect free pieces by assuring a homogeneous plastic
strain in the workpiece [21,22]. The quality of the open die forging process depends on several
parameters such as die width, the shape of the die, die overlap, die stagger, ingot shape and dimensions,
temperature gradient, pass schedule, and so on [23]. In order to achieve the requirements in term
of geometric tolerance and internal quality, it is common practice to set up an appropriate pass
schedule which has to be verified using numerical simulations. In order to do that, in the case of
forging sequence design and optimization, it is necessary to simulate many different configuration
corresponding to different forging strategies in order to identify the best solution. FEM is one of the
most commonly adopted approach, anyway, it is reported that it requires significant efforts in terms of
both computational resources and time [24,25].

The second limitation of the FEM approach in designing the forging strategy: in fact, it is not
always possible to predict process conditions because the manufacturing processes are often quite
unpredictable if compared with pilot or laboratory process, as often adopted to validate the simulate.
For this reason, it is useful to develop fast calculation models of the open die forging process that allow
to perform a rapid calculation of material properties during the layout of the process as well for the
online monitoring of the process.

In the past, some authors dedicated to the development of fast models oriented to open die forging
process optimization [26–30]. The common idea at the base of the above works was to develop process
models able to combine data from online measurements and a simplified plasto-mechanical model
for the forecasting of the equivalent strain, strain rate, and the temperature in the core of the forged
piece. The final aim of such models is to optimize the stretching forging not only from a geometric
point of view but also in terms of final microstructure, internal quality (e.g., casting porosity closure),
working temperature to avoid phase transformation during the mechanical processing. Kim et al. [27]
developed forging pass schedule algorithms based on artificial neural networks (ANN) are mainly
oriented to calculate the optimum number of passes and reduction in each pass to economize power
and minimize the forging cycle time. The algorithms were trained on the experimental data from pilot
and full-scale industrial forging.

Starting from the approach reported in [28–30], a new formulation based on artificial neural
networks (ANN) [31,32] is proposed in this work to quickly (fraction of a second) and correctly evaluate
the plastic strain at the core of the piece. Starting from the coefficients for the new analytical model,
a neural network has been implemented and trained using analytic coefficients in order to obtain a
fast estimation of the plastic strain that is able to allow rapid and accurate evaluation of deformation
occurring during the forging process. The correct evaluation of plastic strain at the core fiber of the
forged product is a parameter to consider in a tool that aims at the internal integrity of the material or
the final microstructure optimization.
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2. Methods

2.1. FEM Model for Open-Die Forging of 42crmo4 Steel Grade

The open die forging of large products is a very complex process made of a sequence of several
forging operations like upsetting, cogging, drawing, also including the furnace soaking to reheat
the pieces between deformation steps. In order to fulfill the final requirements for the product,
the understanding and prediction of microstructures that develop during deformation processing
are necessary. In the stretching forging process, the pass sequence is roughly square or round to
octagon to round, where the reduction ratio only varies every second pass. In the considered pass
sequence, the round is forged to an oval section with a given height reduction, turned 90◦, and then
forged again with the same reduction and same bite ratio, producing a square cross-section. The newly
obtained square bar is then forged into an octagonal bar, which is an intermediate shape between
square and round. Finally, the round bar is produced in successive passes by deforming the octagonal
bar. The octagonal bar has a greater cross-sectional area than the final round bar. The round bar is
finished in a round-contoured die during the finishing passes. Figure 1 shows the overall forging
sequence from a square billet to a round bar.

Figure 1. Schematic representation of the simulated forging process.

Simulation of the stretching forging process of a 42CrMo4 steel has been performed by an FE model
developed using the commercial code MSC.Marc. Such code is well known for being characterized by
a high accuracy tool for closed and open die forging process simulation [33–35]. The strokes start in
the central part of the piece and proceed until the 4th stroke as shown in Figure 1.

In order to have accurate predictions from the model it is important to adopt proper material
models to describe the flow stress. For this reason, laboratory compression tests are usually conducted at
the Gleeble on cylindrical specimens with different temperatures, strains, strains rates, post deformation
holding times to characterize the flow stress, static recrystallization and grain size evolution during
forging. The rheology has been modelled following the model in [36].

At a first stage, some forging relevant parameters have been chosen in order to simulate the
deformation process, such as: ingot diameter D, on contact die length Sb0, forged piece temperature,
percentage reduction. The chosen die has a flat shape, and the numerical values of the parameters
adopted to implement the FEM model are shown in Table 1, which corresponds to about 600 simulations
after Design of Experiment (DOE).

In Figure 2 it is possible to notice that the total equivalent plastic strain reaches the maximum
value below the right side of the flat die. This effect is mainly due to the presence of the manipulator
that, blocking the ingot as shown in Figure 1, causes a peak of plastic strain of about 1.02 (the amount
of the deformation depends on forging conditions). This effect is in common for every simulated case.
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Table 1. Parameters of FEM simulation for stretching forging process for round ingot.

Forging Parameter Minimum Value Maximum Value Step

Temperature [◦C] 800 1200 100
Sb0 [mm] 150 750 150

Reduction [%] 5.0 25.0 2.5
ΔSb0 [%] (Pitch [%] respect Sb0) 10 (90%) 50 (50%) (20%)

Ingot initial diameter [mm] 300 1500 300

 
Figure 2. Effect of the presence of manipulator during forging process for a Sb0 of 300 mm.

An example of FEM 3D map results in terms of total equivalent plastic strain at the core of the piece
is reported in Figure 3. The model was implemented considering a double symmetry in longitudinal
and radial directions and a constraint as in Figure 1 in order to consider the presence of the manipulator
during the forging process. From a thermic point of view, the calculation was carried out considering
isothermal condition, without exchange between ingot and external environment and tools in order to
separate the thermal effect from the mechanical one on the plastic strain at the core of the ingot.

 

Figure 3. Total equivalent plastic strain at the core of the piece for an ingot with a diameter of 300 mm,
25% reduction, for Sb0 of 300 mm and a ΔSb0 of 10% at T = 1200 ◦C for the first series of strokes.

Figures 2 and 3 show the typical distribution of plastic deformation through the ingot radius and
longitudinal direction with the maximum value of deformation reached in the contact area between
tools and ingot closest to the manipulator. In the thickness, the deformation distribution takes on
the classic v-shape with the relative maximum on the core fiber [37] for the considered ratio between
contact die length and ingot diameters (Sb0/D).
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2.2. Analytical Model for Open Die Process Simulation

A prior analysis of FEM results in terms of plastic strain at the core of the forged piece (Figure 4)
has been carried out in order to represent the plastic strain at the center of the piece.

 

Figure 4. Schematic representation of forged piece simulated; results have been token at the core of the
piece in terms of plastic strain as a function of the length.

An example of output of the FEM thermo-mechanical simulation follows the evolution reported
in Figure 5 concerning the evolution of plastic strain as a function of length at 1200 ◦C, Sb0 = 300 mm,
reduction = 25%. As shown in Figure 5, the simulated forging process is characterized by a first stroke
characterized by a major contact zone due to the fact that during the first stroke the material is not yet
deformed. The last three strokes follow the same evolution.

 

Figure 5. Evolution of plastic strain as a function of length at 1200 ◦C, Sb0 = 300 mm, reduction = 25%,
ingot diameter equal to 300 mm, pitch 90%.

In this work a separation of the strokes was performed in order to distinguish each one and apply
the analytical model and the neural network separately. Moreover, because the strokes following the
first follow similar behavior in terms of maximum plastic strain, only the first and the second strokes
could be considered in the analysis.

According to [37] the distance between the growth and decay phase of plastic strain on ingot core
fiber increases while the ratio Sb0/D decreases. This effect is showed in Figure 5: comparing the first
stroke (Sb0/D = 1.0) and the subsequent (Sb0/D = 0.9), it is possible to note that, with a pitch equal to
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90%, the Sb0 is reduced to 270 mm. A double sigmoidal function has been chosen to represent the
evolution of the core fiber plastic strain of a single stroke [38,39]. The sum of two hyperbolic tangents
(Equation (1)) has been implemented in order to better reproduce the plastic strain evolution at the
core of the forged piece along the ingot axis. The growth phase and decay phase of plastic strain are
represented by Equations (2) and (3). Equation (1) varies from 0 to 2 and is continuously derivable
and defined throughout the Real numbers domain, therefore it can be used without problems in an
optimization system.

ε
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Coefficients in Equations (1)–(3) are respectively:

• C1 and C2 represent the middle points of growth and decay phase respectively. In order to identify
the inflection point for each sigmoidal branch, an analysis has been carried out on FEM results,
identifying the point with the 50% of the maximum plastic strain at the core fiber.

• D1 and D2 represent the slopes of the growth and decay branches of the function.
• M is a multiplier coefficient. The Equation (1) varies in a range between 0 and 2, thus the coefficients

M brings the maximum of double-sigmoidal curve to the maximum of plastic strain.

The coefficients C1, C2, D1, D2 and M have been obtained by fitting of double-sigmoidal
model on the FEM results in terms of total equivalent plastic strain along the core fiber for each
forging configuration considered in this analysis. The obtained coefficients do not have an identified
mathematical dependence by forging parameters. The fitting of mathematical model described by
Equation (1) to the individual conditions of the forging process could be carried out using a fragmented,
look-up table-based approach. This approach has disadvantages due to the required size for the look-up
tables and the lack of interpolation capability. The application of neural networks within the control
strategy, setup model, and optimization tool has significantly reduced such kind of problems [40].
The obtained coefficients were used to train the proposed neural network.

2.3. Forecasting Models Based on Artificial Neural Networks (ANNs)

The artificial neural networks (ANNs) can be considered nonlinear regressive models, realizing
the correlation between a set of independent variables and a set of dependent variables.

Neural networks are mathematical models able to learn from empirical data collected in some
problem domain by approximating sample of it in a data set, without any assumption about the physical
laws, systems inspired by biological neural networks that constitute brains of animals. This correlation
between variables is achieved through a training process during which a data set containing both
independent and dependent variables is used to iteratively adapt the internal structure of the neural
model to its purpose [41].

Because the functional relationship between causes and effect of the physical phenomena is
extracted from the samples, the performance provided by the ANN model is related to the range of
variability and accuracy of the data set. Such models are completely different from a Deterministic
Model that requires a priori knowledge of the relationships of a system, based on First Principles
typically derived from physical, chemical or biological principles. For this reason, high complexity of a
problem or the unsatisfactory performance of other techniques (e.g., deterministic model, Linear and
Not-Linear multiple regression) are condition for a suitable application of an ANN model. For this
reason, artificial neural network models are considered a sort of Black Boxes which do not account the
mathematical expression describing the physical phenomenon once the training procedure is finished.

130



Metals 2020, 10, 1397

The ANN performances are comparable to the correspondent Deterministic model, and are chosen for
a fast development of models due to the flexibility to codify relationships between any set of physical
variables (real, discrete and Boolean), and an easy integration with resident control system and SW.
The Requirement for a stochastic ANN model is mainly the Input/Output (I/O) functional relationship
between causes and effect and a set of process observation covering a wide enough range of variability
of the variables [31].

Artificial neural networks can be collected in families according to the learning and recall
algorithms. The network adopted in this work belongs to the multi-layer perceptron (MLP) family
whose learning algorithm is back propagation (BP) [42]. The back-propagation learning algorithm
provides the optimal configuration of the weights by calculating the error between the target and the
network response. The root mean squared (RMS) error has been adopted as index of performance both
for each single output variable and for the output as a whole.

Since these mathematical models are based on data observation, their performance is strongly
conditioned by the quality of the data itself. Because the data are provided by the calculation of a FE
model and simulations are defined by means of a DOE, no data duplication (similarities) or scattering
are present in the data. In this condition, no correction (elimination of similarities) or filtering action are
required [41,42]. Clustering analysis was carried out in order to define and identify the cluster, and then
for the definition of best neural network topology and number of neural networks. The independent
variables of ANN are the forging parameters in terms of workpiece temperature and diameter, Sb0,
fitch, reduction and stroke number while the output is in terms of the coefficients of double-sigmoidal
function that models total equivalent plastic strain. Input and output data have been normalized
within the range 0 and 1 with a linear function between the minimum and maximum value of each
quantities, Table 2.

Each node in ANN is fully connected to the nodes of the following layer (hidden or not) through
a sigmoidal transferring function and weights whose value is adapted during the learning phase to
encode on them the knowledge of the forging process described by the used dataset [42].

The implemented ANN is composed of 1 bias node and a single hidden layer characterized by
13 hidden nodes.

The initial data, that consisted in about 600 examples, has been divided into three groups:

• Training: about 400 examples;
• Validation: about 150 examples;
• Test: about 50 examples.

The examples have been subdivided considering the three main clusters identified during the
data analysis.

Table 2. Normalized values for artificial neural network.

Variable Min Value Max Value Min Normalized Value Max Normalized Value

Sb0 75 750 0.1 0.9
Temperature 800 1200 0.1 0.9

Reduction [%] 5 25 0.1 0.9
C1 −384 −28 0.1 0.9
D1 19 60 0.1 0.9
C2 9.5 350 0.1 0.9
D2 27 60 0.1 0.9
M 0 0.24 0.1 0.9

3. Results and Discussion

Figures 6–8 report the comparison between the coefficient of Equation (1) fitted on FE results and
calculated by ANN concerning the 50 examples used for the tests. The figures show that the data
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groups into the three identified cluster. The scatter plot related to the C1 and C2 coefficients used to
train the ANN coefficients, and the coefficients trained by ANN is reported in Figure 6a,b. Furthermore,
R2 is reported in such figures. Results are characterized by little dispersion and the good agreement
between the coefficient forecasted by ANN and fitting on FE results is confirmed. In fact, concerning
C1, the R2 is approximately 1. Looking at Figures 7 and 8, it is possible to notice that the R2 always
remains high, never falling below 0.997.

  
(a) (b) 

Figure 6. Plot of C1 from the analytical model C1 (target) versus the ANN trained C1 in blue with error
bands at +5% and −5% in grey (a) and the analytical model C2 (target) versus the ANN trained C2 in
blue with error bands at +5% and −5% in grey (b).

  
(a) (b) 

Figure 7. Plot of D1 from the analytical model D1 (target) versus the ANN trained D1 in blue with
error bands at +5% and −5% in grey (a) and the analytical model D2 (target) versus the ANN trained
D2 in blue with error bands at +5% and −5% in grey (b).
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Figure 8. Plot of M from the analytical model M (target) versus the ANN trained M in blue with error
bands at +5% and −5% in grey.

In the following figures there is a comparison between FEM (black line), analytical model
(as obtained by fitting of FEM data, red dot line) and analytical model with coeffects predicted by ANN
(blue line) is reported in Figures 9–14 in terms of plastic strain dependence on arch length. The RMS
deviation (green line) between the neural network and the analytical model results is also reported.

The above comparison for the case corresponding to initial ingot diameter equal to 300 mm,
Sb0 = 150 mm, reduction = 5% at 800 ◦C and 1200 ◦C is reported in Figure 9a,b, respectively.
The proposed modeling approach provides the possibility to have two different slopes of the growth
and decay phase of plastic strain (e.g., different D1 and D2 coefficients). This allows to consider the
effect of the manipulator nevertheless it is possible to notice that the error peak is in correspondence of
the presence of the manipulator, therefore in the decay branch of the double-sigmoid model. This is
expected considering that the manipulator induces a small variation from the chosen sigmoidal shape,
shifting the inflection point towards 60–70% of the maximum strain value. However, the hybrid
approach prosed ANN plus analytic model is able to reproduce the FEM curve with a good accuracy
both temperature, 800 ◦C and 1200 ◦C (maximum RMS value = 0.07).

  
(a) (b) 

Figure 9. Total equivalent plastic strain as a function of length for Sb0 = 150 mm, reduction of 5%, first
stroke at (a) 800 ◦C, (b) 1200 ◦C.
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A similar trend is shown in Figure 10, concerning the same initial ingot diameter and Sb0 = 150 mm,
but with higher reductions (equal to 25%). Also, in this case 800 ◦C and 1200 ◦C temperatures are
compared. Figures 9 and 10 show that for Sb0 equal to 150 mm temperature variation little affect the
maximum of plastic strain and shape of plastic strain on core fiber. Differences on maximum value
of plastic strain are equal to 1.4% and 4.4% for the reduction equal to 5% and 25%, respectively, with
a material softening from 800 ◦C to 1200 ◦C equal to 70% at strain = 0.3 and strain rate = 1 s−1 from
205 MPa to 62 MPa respectively, Figure 11 [43]. his so low influence of rheological behavior is certainly
due to of isothermal FE modeling of forging but leads to the conclusion that the proposed approach
can be considered independent of the material in the first approximation.

The same is shown in Figures 12 and 13, where plastic strain for first stroke of forging of ingot
with 300 mm of initial diameter of the higher reduction considered in this analysis is compared
for temperature of 800 ◦C and 1200 ◦C considering and Sb0 = 300 mm and 750 mm, respectively.
Increasing Sb0 the maximum plastic deformation value on core fiber increases. Moreover, a strong
shift away from the growth and decay branches of plastic strain is observed increasing the Sb0/D ratio,
as described before. Also, in this case of even larger size of the die, the ANN approach appears to be in
good agreement with FEM results, with minimal error.

(a) (b) 

Figure 10. Total equivalent plastic strain as a function of length for Sb0 = 150 mm, reduction of 25%,
first stroke at (a) 800 ◦C, (b) 1200 ◦C.

 

Figure 11. 42CrMo4. Flow stress curves by hot forming. Figure 5.309 in [44].
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(a) (b) 

Figure 12. Total equivalent plastic strain as a function of length for Sb0 = 300 mm, reduction of 25% for
first stroke at (a) 800 ◦C, (b) 1200 ◦C.

  
(a) (b) 

Figure 13. Total equivalent plastic strain as a function of length for Sb0 = 750 mm, reduction of 25% for
first stroke at (a) 800 ◦C, (b) 1200 ◦C.

  
(a) (b) 

Figure 14. Total equivalent plastic strain as a function of length for Sb0 = 300 mm, reduction of 25% at
1200 ◦C for second (a) and third stroke (b).
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For the stroke subsequent the first the fitch, and the resulting overlapping of strokes, affects
directly the actual Sb0 reducing it. The comparison in Figure 14 shows as the stroke subsequent to
the first could be considered, in first approximation, equal to a first stroke with a lower value of Sb0.
However, the developed model has been differentiated for the first stroke and the subsequent ones in
order to take into account that in the stroke subsequent to the first there are parts of die initially not in
contact with the ingot. These will touch parts of ingot already deformed or partially deformed, e.g.,
deformed by die fillet radius in the previous stroke, upsetting it. This results in an improvement in the
performance of the model, e.g., a better agreement between the FEM results and the analytical model
with coefficients calculated with the ANN.

4. Conclusions

In this paper a hybrid approach is proposed, able to describe the plastic strain behavior at the core
fiber of an open die forged round shape component. Such a method takes into account the following
parameters: ingot diameter, die length Sb0, reduction for each stroke and forging temperature. The aim
of this approach is to provide a rapid tool faster than the commonly used FEM method but with the
same accuracy class, making therefore it suitable for the rapid design of online forging processes.
This was accomplished by means of a thermo-mechanical FEM model implemented in the MSC.Marc
commercial code in order to simulate the open die forging process.

Starting from the results obtained through FEM simulations, a set of equations describing the plastic
strain at the core fiber of the piece have been identified depending on forging parameters. An artificial
neural network has been trained to provide the double-sigmoid coefficients as function of forging
parameters. The maximum error by proposed model prediction is found at the peak deformation
and on the decay branch due to the presence of the manipulator. The results analysis showed the
low dependence of strain on core fiber on the material rheology. In the first approximation, therefore,
the material properties could be neglected, but this becomes fundamental when microstructural and
metallurgical effects are also considered in the optimization model of forging.

The described approach proposes therefore a rapid method aimed to design and optimize a
forging open die process, favoring its adoption in industrial applications.
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Abstract: During the production of forged metal components, the sequence of heat treatments that
are carried out, as well as hot working, remarkably influences mechanical properties of the product,
in particular impact toughness. It is possible to tailor impact toughness by varying tempering
temperature and soaking time after hardening treatment, widening the application range of structural
steels. In this work, we consider the effects of a second tempering treatment on the microstructural
properties and impact toughness of a structural steel EN 10025-6 S690 (DIN StE690, W. n: 1.8931).
The steel was first forged and quenched in water after austenitization at 890 ◦C for 4 h. After quenching
different tempering treatments were performed, at 590 ◦C in single or multiple steps. The effect of these
treatments was evaluated both in microstructural terms, by means of optical microscopy, scanning
and transmission electron microscopy and X-ray diffraction, and in terms of impact toughness.
The mechanical behavior was correlated with the microstructure and a remarkable increase in impact
toughness was found after the second tempering treatment due to carbide shape change.

Keywords: tempering; impact toughness; carbides; heat treatment; bainite; steel

1. Introduction

S690 is a low-alloy high strength steel mainly employed in structural applications. One of
the typical uses of this steel grade is offshore applications, where high impact toughness even at
low temperatures is required. In these applications, the steel is supplied with a mainly bainitic
microstructure. Moreover, considering the low carbon content this steel is also characterized by a
relatively good weldability [1,2]. In more detail, in order to obtain the desired properties, high strength
steels are formed by forging and thereafter undergo a quenching and tempering treatment [3–5].
One of the key mechanical properties of steels employed in structural applications is impact toughness.
However, impact toughness is not related only to the chemical composition of the metal but can be
significantly modified by deformation route or/and heat treatments [6]. Among the different heat
treatments, quenching and tempering are used extensively in the forging industry. Tempering efficiency
in forging is important both for mechanical properties achievement as well as for environmental
and economic reasons. Since treated parts and equipment are commonly huge, the related time
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for the treatment and natural gas consumption is high and onerous, hence any optimization in
the treatment cycle (and of course on furnaces insulation) can reduce atmospheric emissions and
produce economic saving. The tempering treatments performed for long soaking times seem to
significantly increase the impact toughness of different steel grades [7,8]. This is due to bainitic
carbides spheroidization, that produces an increase in mechanical properties by reducing stress
concentration [9,10]. The modification of carbides morphology in fully bainitic steels depends on the
carbides type. For example, as evidenced by Depinoy et al. [11], for a 2.25Cr-1Mo steel four types of
carbides can precipitate depending on tempering temperature and time: M3C, M2C, M7C3 and M23C6.
M3C is the least stable carbide and is characterized by lenticular-globular morphology, M2C and M7C3

are characterized by a needle like and rhombus shaped morphology, M23C6 is the equilibrium carbide
and possesses a rod-like morphology. Generally, a more spherical shape of the carbides can lead to an
increase in the impact toughness [12].

Impact toughness of quenched and tempered components can be strongly decreased also by
the presence of retained austenite after tempering due to: (i) precipitation of interlath cementite
aided by partial thermal decomposition of interlath films of retained austenite; (ii) subsequent
deformation-induced transformation on loading of remaining interlath austenite, which has become
mechanically unstable due to carbon depletion as a consequence of carbides precipitation as
demonstrated by Horn et al. [13]. This problem can also affect S690 steel, as observed by
Yen et al. [14] who proposed a new steel composition for offshore applications to overcome the
problem. Another possible approach that can solve the problem is to decompose retained austenite
using multiple tempering treatment [15,16].

However, even if S690 steel is a commonly used structural steel, very few works regarding the effect
of heat treatments on its impact toughness and the microstructure can be found in literature. In particular,
one work by Duan et al. regarding the effect of quenching temperature on the microstructure [17],
one by Dong et al. [18] about the effect of the quenching and partitioning treatment, and one by
Quin et al. [19] where different heat treatments, with an orthogonal experiment, have been performed,
were found in literature.

The aim of the present work is to study the difference between a single long-lasting tempering
treatment compared to multiple tempering treatments on forged and quenched S690 steel and to verify
whether a connection exists between the microstructural changes and the variations, aiming to an
improvement in the impact toughness.

2. Materials and Methods

Test samples came from a production forging Bush (forging ratio of >4:1 from starting ingot),
with dimensions Φ2520 mm × Φ2130 mm × H1417 mm, and weighing about 16 tons. A test ring was
cut after heat treatment of the forging bush (austenitization at 890 ◦C for 4 h, quenching in water,
cooling rate approximately 115 ◦C/s and tempering at 620 ◦C for 6 h) as reported in Figure 1A, and cut
again to obtain samples 60 mm × 40 mm × 50 mm (Figure 1B) to perform heat treatments in lab scale.
Standard V-notch impact test samples were machined transversally to the major forging direction,
as reported in Figure 1C.

Composition of the steel is reported in Table 1. Considering the different heat treatments performed
on the laboratory scale samples three parts of the test ring were austenitized at 890 ◦C for 4 h and
quenched in agitated water at 30 ◦C. Two parts of the test ring were tempered at 590 ◦C for 6 h or at
590 ◦C for 10 h. Another part of the test ring was tempered at 590 ◦C for 6 h and tempered for a second
time at 590 ◦C for other 4 h. In this way, the behaviors of samples with the same total tempering time
but performed either in a unique treatment of 10 h or in two treatments of 6 h + 4 h were compared.
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Figure 1. Drawing of the forging bush and of the position of the test ring (A); test ring sections used for
the laboratory scale heat treatments (B); sketch of the extraction of the Charpy specimens from the test
ring (C).

Table 1. Composition of the S690 steel (wt.%).

C% Mn% Si% Cr% Ni% Mo% V%

0.14 1.29 0.31 1.11 1.11 0.27 0.044

The sequence of heat treatments performed in the case of the double tempering of laboratory scale
test ring sections is summarized in Figure 2.

Figure 2. Heat treatment performed on the double tempered sample: austenitization at 890 ◦C for 4 h,
first tempering at 590 ◦C for 6 h and second tempering at 590 ◦C for 4 h.
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In the case of quenching and single tempering, carbides precipitation sequence was modeled with
JMatPro® software (7.0.0, Sente Software Ltd., Guildford, UK).

Mechanical properties were evaluated by means of Vickers HV0.2 micro-hardness tests using
a Leitz Miniload 2 (Leica Microsystem S.r.l., Milan, Italy) and Charpy-V impact toughness tests
at room temperature and at −22 ◦C by means of a Charpy Wolpert pendulum (Wolpert Wilson
Instruments, Aachen, Germany). In order to confirm the reproducibility of the results, for each
heat treatments combination, five micro hardness and three impact toughness measurements were
performed. Mechanical properties were linked to the microstructure that was analyzed by a LEICA
DMRE optical microscope (Leica Microsystem S.r.l., Milan, Italy) and a Leica Cambridge Stereoscan
LEO 440 scanning electron microscope (Leica Microsystem S.r.l., Milan, Italy). For the microstructural
analysis, the samples were cut and mounted in phenolic resin, and then polished with standard
metallographic preparation technique (grinding with abrasive papers 320, 500, 800, and 1200 grit,
followed by polishing with clothes and diamond suspensions 6 μm and 1 μm). After the polishing step,
the samples were etched with Nital 5% reagent immerging the sample for 5 s. Both the observations
with Optical Microscope (OM) and Scanning Electron Microscope (SEM) were performed on the etched
samples. For SEM analysis secondary electron mode was employed. The microstructure of the samples
after different tempering treatment was compared with the one of the quenched sample and the one of
the initial forging bush after heat treatment. Both micro-hardness and microstructural analysis were
performed on Charpy specimens in regions of the samples far from the V notch. In order to investigate
the possible presence of retained austenite, X-ray diffraction (XRD) measurements were performed.
XRD analysis was carried out using a Siemens D500 diffractometer (Siemens, Munich, Germany)
equipped with Cu tube radiation and a graphite-monochromator on the detector side with step size
(2θ) of 0.05◦ and counting time of 5 s/step. The effect of possible texture was eliminated by a rotating
fixture on the goniometer. To correlate more deeply the microstructure with mechanical properties,
transmission electron microscope analysis was performed as well. The observations were performed
with a JEOL 200CX transmission electron microscopy (JEOL Ltd., Tokyo, Japan). Sample preparation
for transmission electron microscopy consisted in mechanical thinning to 50 μm, cutting of 3 mm
diameter disk and perforation with Twin-Jet polishing technique, using a solution of 95% acetic acid
and 5% perchloric acid as electrolyte at 50 V and room temperature.

3. Results

3.1. Micro-Hardness and Impact Toughness Evaluation

The results of the characterization on the different samples in terms of micro-hardness and impact
toughness at room temperature and at −22 ◦C are summarized in Table 2.

Table 2. Micro-Hardness and Impact Toughness of the forged S690 steel after different heat treatments.

Treatment
Micro-Hardness

HV0.2

Impact Toughness
Room T (J)

Impact Toughness
−22 ◦C (J)

Water Quenched
(after austenitization 890 ◦C 4 h) 400 ± 5 - -

Quenched and Tempered 590 ◦C 6 h 276 ± 5 220 ± 10 48 ± 10

Quenched and Tempered 590 ◦C 10 h 275 ± 6 237 ± 9 60 ± 8

Quenched and Tempered 590 ◦C 6 h
+ second tempering 590 ◦C 4 h 272 ± 6 282 ± 9 128 ± 10

From the previously reported data, it can be clearly observed that the different tempering
treatments do not affect the hardness of the steel. In fact, this property does not vary between the
sample quenched and tempered and the samples with the second tempering treatment. Clearly,
a reduction from the hardness of the quenched sample was observed for all the tempered samples.
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Considering the impact toughness, more significant variations between the various samples can be
noticed. In the tests at room temperature, an increase of about 60 J in impact toughness can be observed,
passing from the quenched and tempered samples (6 h or 10 h) to the sample with the second tempering
treatment. In detail, the sample that showed the higher value of impact toughness is the sample treated
with the second tempering at 590 ◦C for 4 h that exhibits an impact toughness about 60 J higher than
the sample quenched and tempered in one step. The difference in the impact toughness between
the samples with and without the second tempering treatment is even higher at −22 ◦C. In this case,
the impact toughness raises from 48 J (60 J) of the samples quenched and tempered for 6 h (10 h),
to 128 J of the samples which also underwent the double tempering (6 + 4 h) heat treatment sequence.

3.2. Microstructural Characterization

In order to correlate the evidences regarding the impact toughness with microstructural changes
OM, SEM and TEM observations were performed on all the tempered samples. For comparison the
OM microstructures of the initial forging bush after quenching and tempering (Figure 3A) and the test
ring samples after quenching (Figure 3B) are also reported.

 

Figure 3. OM micrographs of the initial forging bush after austenitization at 890 ◦C for 4 h,
water quenching and tempering at 620 ◦C for 6 h (A) and of test ring samples after austenitization at
890 ◦C for 4 h and water quenching in laboratory scale furnace (B).

From the micrograph reported in Figure 3A the expected microstructure composed by bainite
and tempered martensite in the initial forging can be observed. After quenching (Figure 3B),
the microstructure is composed by lath martensite and mixed bainite.

After water quenching, the test ring slices underwent different tempering treatments, as previously
described, the microstructure of which is shown in Figure 4.

Comparing OM images of Figure 4, it appears that there is no significant microstructural difference
among the samples. In fact, microstructure of all samples is substantially composed mainly by bainite
with the presence also of low amount of tempered martensite.

In order to investigate in deeper detail possible microstructural differences that can explain the
obtained improvement in impact toughness, SEM observations were performed on the three samples,
whose results are reported in Figures 5–7.

From the SEM images, the mainly bainitic microstructure of all the samples is confirmed. In all the
samples it can be also observed the presence of small carbides (white spots) located mainly along the
prior austenitic grain boundaries and in-between bainitic plates. Comparing micrographs of Figures 5–7,
no significant differences in the microstructure can be observed even in at higher magnifications.

One of the microstructural changes that can affect impact toughness in this steel, as previously
described, is the presence of retained austenite, that is not visible in the OM images. To confirm
the absence of retained austenite, XRD analyses were performed and the results can be observed in
Figure 8.
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Figure 4. OM micrographs of the samples after different heat treatments: quenched and tempered at
590 ◦C for 6 h (A), quenched and tempered at 590◦C for 10 h (B), quenched and tempered at 590 ◦C
6 h + 590 ◦C 4 h (C).

 

Figure 5. SEM micrographs of the sample quenched and tempered at 590 ◦C for 6 h at low magnification
(A) and higher magnification (B).

 
Figure 6. SEM micrographs of the sample quenched and tempered at 590 ◦C for 10 h at low magnification
(A) and higher magnification (B).
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Figure 7. SEM micrographs of the sample quenched and tempered at 590 ◦C for 6 h + 590 ◦C 4 h at low
magnification (A) and higher magnification (B).

Figure 8. XRD analysis of the samples after different heat treatments: quenched and tempered at 590 ◦C
for 6 h (red line); quenched and tempered at 590 ◦C for 10 h (blue line); quenched and tempered at
590 ◦C 6 h + 590 ◦C 4 h (green line).

From XRD analysis, retained austenite was not detected in any of the samples. In fact, only the
peaks pertaining to ferrite can be noticed in the XRD patterns.

The shape and distribution of carbides can significantly affect the impact toughness. However,
due to the small size of carbides, from SEM observation it was not possible to analyze and compare
their shapes. In order to further investigate these microstructural features, TEM analysis on the
three samples were performed and the results are reported in Figure 9. The images confirm the
mainly bainitic microstructure with the presence of mixed upper and lower bainite, with carbides
that can be found both inside and along the bainitic plates in addition to the one’s observable at the
grain boundaries. Significant variations in the shape of the carbides can be noticed. In detail, in the
sample quenched and tempered at 590 ◦C for 6 h the carbides are lenticular-shaped, as shown in
Figure 9A (red circles). Increasing the tempering time to 10 h (Figure 9B) produces an increase in the
carbides average dimension, however, keeping an almost lenticular shape. With double tempering
6 h + 4 h (Figure 9C) a more globular shape can be noticed. The evolution in the shape of the carbides
(i.e., from lenticular to globular) produces the observed increase in impact toughness. However,
the hardness remains constant, despite the increased soaking time or number of steps in the
tempering treatment.
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Figure 9. TEM micrographs of the samples after different heat treatments: quenched and tempered at
590 ◦C for 6 h (A), quenched and tempered at 590 ◦C for 10 h (B), quenched and tempered at 590 ◦C
6 h + 590 ◦C 4 h (C).

4. Discussion

The results previously reported highlighted that for S690 steel a double tempering of 6 h and 4 h
after quenching permits to achieve increased impact toughness if compared to a single tempering
of 6 h or 10 h. This behavior is not related to the presence of retained austenite (absent according
to XRD analysis evaluation). All the samples present a mainly bainitic microstructure with carbides
at prior austenitic grain boundaries and in-between bainitic plates. Also, the presence of tempered
martensite was observed. The shape of such carbides is the key of the mechanical behavior of the
samples: indeed, passing from single to double tempering it was recorded a modification from
lenticular to globular shape. This combination of microstructural features causes the increase in impact
toughness. This evidence is in accordance with literature results, obtained on different steels. In detail,
Takebayashi et al. [20] found that carbide size and distribution significantly influence impact toughness
of martensitic steels.

In this work, the modification in the morphology of carbides is linked with the type of heat
treatment: a short soaking time (tempering at 590 ◦C for 6 h) does not permit the formation of a large
number of lenticular carbides. Increasing treatment time (tempering at 590 ◦C for 10 h) produces an
increase in the dimension of carbides but does not substantially modify their shape. Instead, after a
double tempering (590 ◦C 6 h + 4 h) carbides morphology changes, which besides becoming coarser,
acquires a spherical shape. However, the hardness of the steel was not affected by such combination of
microstructural modifications.

In literature, it is reported that the following carbides, characterized by different thermal stability,
can precipitate depending on tempering time and temperature: M3C, M2C, M7C3, M23C6, and M6C [11].
Increasing tempering time leads to evolution of the unstable carbides towards the equilibrium ones,
whose nature depends on the steel composition. This event is usually accompanied by coarsening and
spheroidization of carbides [21].
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Carbides sequence precipitation was studied for S690 steel with software simulation in the case of
quenching at 890 ◦C and single tempering at 590 ◦C, and the results are reported in Figure 10.

Figure 10. Results of the simulation of carbides precipitation during Quenching at 890◦C and Temping
at 590◦C for S690 steel performed with JMatPro® software; overview (A) and close up of the region
near 10 h treatment time (B).

The diagram reported in Figure 10 confirmed, also for S690 steel, the results found in literature:
the M3C (characterized by lenticular morphology) is the first carbide to form and M23C6 (characterized
by rod-like morphology) is the equilibrium carbide at this temperature.

In this work, it is likely that double tempering accelerates the transition from metastable to
equilibrium carbides, by modifying the mechanism of carbon diffusion as well as diffusion of
other elements.

Moreover, the evolution of carbide shape from lenticular to rod-like could explain the observed
increase in impact toughness, as also observed by Dudova et al. [22] and Hao et al. [23]. This shape
evolution is probably predominant in comparison to coarsening and this explains the almost constant
hardness after the different treatments.

5. Conclusions

In this work, the effect of different heat treatments on a forged S690 steel was studied. Three different
tempering treatments, performed after quenching, were studied: 590 ◦C for 6 h, 590 ◦C for 10 h and
a double tempering at 590 ◦C for 6 h + 4 h. The different tempering treatments produce significant
variations in impact toughness: the double tempering treatment results in a remarkable improvement in
impact toughness of approximately 80 J, in comparison with the sample tempered for 6 h, and of about
60 J in comparison with the single 10 h tempering treatment. None of the samples contain retained
austenite, as evidenced by XRD analysis, and are characterized by a mainly bainitic microstructure
with the presence of carbides, as observed with OM, SEM, and TEM. The main difference among the
various samples is due to the shape of carbides, as evidenced by TEM observation. In detail, with a
two-stage tempering treatment, a morphological change was observed from lenticular to globular.
These variations can be explained with the modification in the mechanism of transition from metastable
to equilibrium carbides during the double tempering. In fact, the formation of the equilibrium carbides
induces their spheroidization and can justify the recorded increase in the impact toughness.
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Abstract: This research analyzes the mechanical properties and fracture behavior of two cold work
tool steels: AISI “D2” and “O1”. Tool steels are an economical and efficient solution for manufacturers
due to their superior mechanical properties. Demand for tool steels is increasing yearly due to the
growth in transportation production around the world. Nevertheless, AISI “D2” and “O1” (locally
made) tool steels behave differently due to the varying content of their alloying elements. There is also
a lack of information regarding their mechanical properties and behavior. Therefore, this study aimed
to investigate the plasticity and ductile fracture behavior of “D2” and “O1” via several experimental
tests. The tool steels’ behavior under monotonic quasi-static tensile and compression tests was
analyzed. The results of the experimental work showed different plasticity behavior and ductile
fracture among the two tool steels. Before fracture, clear necking appeared on “O1” tool steel,
whereas no signs of necking occurred on “D2” tool steel. In addition, the fracture surface of “O1”
tool steel showed cup–cone fracture mode, and “D2” tool steel showed a flat surface fracture mode.
The dimple-like structures in scanning electron microscope (SEM) images revealed that both tool
steels had a ductile fracture mode.

Keywords: fracture; cold work tool steel; AISI D2; AISI O1; high carbon steel

1. Introduction

In the machining and forming industry, tool steels were invented to increase manufacturing
economic efficiency due to their enhanced mechanical properties, such as high strength, wear resistance,
hardness, and toughness. Metal machining and forming are essential for metal part production in
many industries. The automotive industry, for example, has experienced an increase in car production,
which has led to an increase in the demand for tool steels. The same increase in demand has also
been experienced in other industries, such as aerospace, transport, and precision industries. The vast
increase in production has resulted in substantial growth in the metal forming industry, at a rate of 3%
to the year 2019 [1]. Tool steels are categorized into six classes: cold work, hot work, shock resisting,
mold, high speed, and special-purpose tool steels [2]. The most important class of all is cold work tool
steels. This research investigated two types of cold work tool steel that have a high content of carbon:
“D2” and “O1”. These metals are used for many types of cutting and punching tools and dies and
many other applications. They have high hardness, high wear resistance, and are inexpensive [3–5].
Previous studies have tested the two metals to determine their wearing properties and resistance,
with “O1” tool steel being found to have excellent machinability, whereas “D2” had better wearing
resistance [6–8].
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The oil-hardening “O1” cold work steel (UNS# T31501) is a low-cost metal that has high hardness
and wear resistance due to the high carbon content along with moderate levels of different elements,
such as chromium (Cr) and silicon (Si). The high content of Si alloy element increases machinability
and die life. In addition, the existence of tungsten (W) alloy element attains high abrasion resistance
and highly sharp cutting edges. Thus, this tool steel is used in surface finishing tools and woodworking
knives [3,9–11]. The high-carbon, high-chromium AISI “D2” cold work steel (UNS# T30402) is
particularly poor in terms of machinability and toughness. In the fabrication process, “D2” is highly
resistant to softening and wearing, with minimal microstructure distortion and high resistance to
cracking during metal formation and fabrication [12]. Therefore, in long-duration fabrication processes,
“D2” is preferable for manufacturers. In addition, “D2” tool steel is heavily used in piercing punches
and dies, forging operations, and trimming tools due to its high wear resistance [9,13–15]. Moreover,
it is generally known that “D2” tool steel is difficult to weld (nonweldable), and it is particularly hard
to attain a high-quality welded joint by conventional welding methods due to its high carbon content
and significant amount of carbides. A recent study [16] proposed a novel thixowelding technology for
joining “D2” steels with different joining temperatures, holding time, and postweld heat treatment
to investigate the joints’ mechanical and microstructural properties. The results demonstrated a
significant improvement in its tensile strength for heat- vs. non-heat-treated joints. Another study [17]
investigated the effect of post-tempering cryogenic treatment on the mechanical properties of “D2”
tool steel. The results showed an improvement in fracture toughness, reduction in residual stresses,
and no change in hardness and modulus values.

In the present study, the characteristics of mechanical properties are reported. Tensile strength,
compression strength, hardness, elongation at fracture, and reduction area at fracture in addition to
the plasticity and ductile fracture behavior of two tool steel metals—AISI “D2” and “O1”—under
monotonic loading conditions were investigated. Furthermore, fracture surfaces, dimensional stability,
and microstructure features were studied. Optical measurements and optical microscopic investigations
were also conducted.

2. Experimental Procedure

2.1. Sample Preparation

Two steel blocks of AISI “D2” and “O1” were purchased from an ASTM-certified local steel shop.
The specimens were cut from the two steel blocks and were subjected to hardening and tempering heat
treatment process. The tempering temperatures for “D2” and “O1” were 200 and 250 ◦C, respectively.
The fabrication and machining of the specimens were done in two different shapes: (a) smooth round
bar (Figure 1) and (b) cylindrical shape (Figure 2). The smooth round bar was designed for tensile tests,
whereas the cylindrical specimen was designed for compression tests. The shape and dimensions
of both specimens’ geometry are shown in mm in Figures 1 and 2. Note that the smooth round bar
and cylinder specimens of similar metals were machined from one steel block to ensure similarity in
properties. The number of repetitions of each test was two; hence, a total of two tensile tests and two
compression tests for each metal were carried out. The chemical compositions of AISI “D2” and “O1”
are shown in Table 1. In addition, the critical and austenization temperatures are listed in Table 2.

Table 1. Chemical composition of “D2” and “O1” tool steels in mass percent (%).

Metal Type C Mn Si Cr Mo W V Fe

“D2” 1.52 0.34 0.31 12.05 0.76 - 0.92 Balance.

“O1” 0.94 1.2 0.32 0.52 - 0.53 0.19 Balance.
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Table 2. Critical and austenization temperatures of “D2” and “O1” tool steels.

Metal Type Ac1 Ac3 Ar1 Ar3 Austenization Temperature

“D2” 788 ◦C 845 ◦C 769 ◦C 744 ◦C 1010–1024 ◦C
“O1” 732 ◦C 760 ◦C 703 ◦C 671 ◦C 802–816 ◦C

Figure 1. Tensile test specimen shape and geometry in mm.

Figure 2. Compression test specimen shape and geometry in mm.

2.2. Experiments

The load frame used was a servohydrolic testing machine manufactured by MTS systems
corporations®in Eden Prairie, MN, USA with a 100 kN loading cell of tension and compression force
limit. The tests were conducted at room temperature with a strain rate of 0.005 mm/s. The strain
reading was captured and recorded using an optical measurement system termed digital imaging
correlation (DIC) [18]. The DIC type was VIC-2D version 5 software made by Correlated Solutions
Inc®in Irmo, SC, USA. DIC requires specific preparation (painting the steel specimen) prior to testing
in order to provide sufficient contrast for the camera. The specimens were sprayed in white and
spackled in black to create a fine contrast for the DIC to capture the strain.

3. Results and Discussion

3.1. Tensile and Compression Tests

The engineering stress–strain flow performance (total elongation and tensile strength) of “D2”
and “O1” subjected to tensile tests at room temperature are shown in Figure 3. The yield strength of
“D2” and “O1” and other basic mechanical properties are listed in Table 3. The modulus of toughness
(tensile toughness), fracture strength, fracture length, fracture strain, and gauge length are all shown in
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Table 4. The differences in content of the alloying elements in “D2” and “O1” tool steels changed the
behavior of the stress–strain flow. For example, the higher ductility and toughness of “D2” over “O1”
tool steels were due to the high content of molybdenum (Mo), vanadium (V), and Cr. On the other
hand, the higher yield tensile strength and ultimate tensile strength (UTS) of “O1” compared to “D2”
tool steels were due to the increased content of tungsten and manganese (Mn). The “D2” steel behavior
under monotonic loading showed particularly high hardening and substantially low softening due
to the high content of Mo and Cr. The range of hardness for “O1” and “D2” steels was 56–58 and
60–62 HRC, respectively. Note that all data reported are the mean value of many testing points for
each specimen.

Figure 3. Tensile engineering stress–strain curves to fracture for “D2” and “O1” tool steels.

Table 3. Basic mechanical properties of "D2" and "O1" tool steels.

Specimen Modulus of Elasticity 0.2% Offset Yield Strength Yield Strength UTS

AISI “D2” 203 GPa 411 MPa 350 MPa 758 MPa

AISI “O1” 211 GPa 829 MPa 758 MPa 846 MPa

Table 4. Experimental tensile tests data summary of "D2" and "O1" tool steels.

Specimen
Modulus of
Toughness

Fracture
Strength

Displacement
at Fracture

Gauge
Length

Fracture
Strain

Area
Reduction

AISI “D2” 81 MPa 723 MPa 0.61 mm 30 mm 1.97% 1.3%

AISI “O1” 68 MPa 703 MPa 0.35 mm 30 mm 1.09% 19.7%

In contrast, the “O1” steel behavior under monotonic loading showed a highly narrow strain
range during hardening (before UTS) and a higher range of strain in softening (beyond UTS). The high
amount of metal softening during the tensile strength was seen during the experimental test in the
form of necking before fracture. The compression stress–strain flow is shown in Figure 4. The cylinder
specimens were compressed to approximately −90 kN (load cell maximum capacity is ±100 kN) at a
strain rate of 0.005 mm/s while the strain flow was captured. The modulus of elasticity and compression
yield of “O1” steel was higher than “D2” steel. The compression plasticity flow, shown in Figure 4,
increased as the stresses increased due to the geometry change in the cylinder specimen.
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Figure 4. Compression engineering stress–strain curves for “D2” and “O1” tool steels.

Another observation is related to the necking behavior of both tool steels. The significant necking
before fracture (Figure 5) of “O1” steel was represented in the form of softening beyond the UTS.
The calculated area reduction at fracture was almost 20%. However, “D2” tool steel showed almost no
necking prior to fracture (Figure 6).

 
Figure 5. “O1” specimen under tension test. (1) Specimen before testing, (2) necking prior to fracture,
(3) specimen post fracture, and (4) contour plot showing the Lagrange strain localization before fracture
in red (maximum stain) and purple (minimum strain).
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Figure 6. “D2” specimen under tension test. (1) Specimen before testing, (2) no necking prior to fracture,
(3) specimen post fracture, and (4) the contour plot showing the Lagrange strain localization before
fracture in red (maximum stain) and purple (minimum strain).

3.2. Fracture of Specimens

The “D2” tool steel specimen subjected to tensile loadings is shown in Figure 6. The images depict
the sequential deformation process as a result of the tensile loading process. The testing specimen
setting was set initially as in Figure 6(1). This image can be used as a reference for comparison.
The maximum elongation is shown in Figure 6(2), where necking prior to fracture can hardly be
seen. Based on the stress–strain curve of “O1” tool steel, shown in Figure 3, this type showed almost
no softening behavior post UTS point, which explains the negligible necking behavior during the
experiment. The crack initiated and instantly propagated toward the outer radius, similar to the “O1”
tool steel specimen (Figure 6(3)). The strain measurements an instant before fracture are shown in
Figure 6(4) with the use of DIC. DIC can also predict the crack initiation location. The crack initiation
location and propagation path prediction by DIC have previously been investigated and proven in
many studies. [19–22]. In the case of “O1” tool steel, Figure 6(4) shows high strain concentrations (in
red) that resulted in metal cracks and fracture (Figure 6(3)). The fracture location prediction agreed
with the experimental results. Finally, the failure mode showed a flat fracture surface (Figure 7). It is
recommended that the reader refer to [23,24] in order to understand why the fracture surface shape
differs from one metal to another.

Similarly, the “O1” tool steel specimen subjected to tensile tests is shown in Figure 5. The collection
of images in Figure 5 shows the deformation sequence during the loading process. Figure 5(1) shows
the specimen prepared for testing before any loading was applied. This figure can be used for
comparison and reference reasons. Figure 5(2) shows the specimen at its highest elongation capacity
without fracturing. This moment records the maximum necking (localized area reduction) of the
specimen. The necking occurred just before the crack initiated and instantly propagated toward the
outer radius, causing full specimen fracture (Figure 5(3)). The color contour plot in Figure 5(4) shows
the highest accumulation strain by the DIC just before the fracture occurred. The location of the
highest accumulation strain is at the center of the necking area, colored in red. The crack initiation and
propagation that appear in Figure 5(3) coincide with the high strain’s measurement location developed
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due to tensile loading in Figure 5(4). In both metals, the crack location prediction by DIC was in good
agreement with the experiment results. Finally, the failure mode of the fracture surface on “O1” tool
steel under tensile loading showed a cup–cone-like fracture pattern (Figure 8).

 

Figure 7. A flat fracture mode surface for “D2” tool steel under tension (left) and flattened shape of the
cylindrical specimen (right) under compression.

Figure 8. A cup–cone mode fracture surface and clear necking for “O1” tool steel under tension (left)
and flattened shape of the cylindrical specimen (right) under compression.

3.3. Microstructure

The microstructure on the fractured surfaces of the “O1” specimens with a cup–cone shape and the
“D2” specimens with a flat shape were analyzed with different magnifications using a scanning electron
microscope (SEM) type JSM-7610FPlus Schottky Field Emission made by JOEL ltd. (Tokyo, Japan).
SEM analysis assists in determining the fracture mode for both tool steels [25]. The existence of the
parabolic dimple-like structures in the SEM images revealed that both tool steels had a ductile fracture
mode (Figure 9). However, for better analysis to assess the fracture mode and failure mechanism,
in-situ X-ray tomography can be performed [26–28].

A careful inspection of both tool steels showed some small differences. The surface fracture
morphology was rougher on the “D2” fractured surface compared to the “O1” fractured surface.
However, the average size of microvoids in the “O1” specimens was smaller compared to the features
in the “D2” specimens (Figure 10). Note that the average microvoid size increased as the hardness
decreased for both steels, as can be seen on the “O1” and “D2” fractured surfaces in Figure 11.
The SEM micrographs showed different microstructures when the two steel metals were compared.
The microvoids were deeper on “O1” and sharper on “D2”. The fracture surfaces of “O1” had smaller
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dimples with fewer cleavage planes compared to “D2” (Figure 11). This observation reasonably
explains the higher elongation in “D2” tool steel specimens.

Figure 9. SEM morphologies of fracture surfaces of “D2” (left) and “O1” (right) with ×1500 magnification.

Figure 10. SEM morphologies of fracture surfaces of “D2” (left) and “O1” (right) with×3500 magnification.

Figure 11. SEM morphologies of fracture surfaces of “D2” (left) and “O1” (right) with×7500 magnification.
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4. Conclusions

In this research study, the plasticity and fracture behavior of two tool steels—AISI “D2” and
“O1”—were investigated. The tool steels were purchased and fabricated locally, and the specimens
were designed for two mechanical tests: tensile and compression. The results demonstrate that AISI
“D2” is recommended for applications that require moderate toughness and dimensional stability.
In contrast, AISI “O1” is more suitable for applications that require better machinability performance
and an excellent combination of high hardness and toughness. The following points conclude the
results of the research:

1. The tensile yield strength of “O1” tool steel was higher than “D2” tool steel.
2. The specimens of “O1” tool steel showed vivid necking prior to fracture with 19.7% area reduction,

whereas the specimens of “D2” tool steel demonstrated no necking throughout the loading
process (1.3% area reduction).

3. The compression yield strength was higher for “O1” than for “D2” tool steel.
4. The surface fracture for “O1” was cup–cone, whereas it was flat for “D2” tool steel.
5. DIC was used to measure surface strains and predict cracks initiation location. The high localized

strains identified in the DIC images pointed out where the cracks initiated. The crack initiation
prediction was in good agreement with the results of the experiments for both tool steel types.

6. The parabolic dimple-like structures in the SEM images revealed that both tool steels had a ductile
fracture mode.

7. The SEM images showed deeper microvoids on “O1” and sharper ones on “D2”. The fracture
surfaces of “O1” had smaller dimples with less cleavage planes compared to “D2”.
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