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Abstract: Powder bed fusion (PBF) is recognized as one of the most common additive manufacturing
technologies because of its attractive capability of fabricating complex geometries using many possible
materials. However, the quality and reliability of parts produced by this technology are observed to be
crucial aspects. In addition, the challenges of PBF-produced parts are hot issues among stakeholders
because parts are still insufficient to meet the strict requirements of high-tech industries. This paper
discusses the present state of the art in PBF and technological challenges, with a focus on selective
laser melting (SLM). The review work focuses mainly on articles that emphasize the status and
challenges of PBF metal-based AM, and the study is primarily limited to open-access sources, with
special attention given to the process parameters and flaws as a determining factor for printed part
quality and reliability. Moreover, the common defects due to an unstrained process parameter of SLM
and those needed to monitor and sustain the quality and reliability of components are encompassed.
From this review work, it has been observed that there are several factors, such as laser parameters,
powder characteristics, material properties of powder and the printing chamber environments, that
affect the SLM printing process and the mechanical properties of printed parts. It is also concluded
that the SLM process is not only expensive and slow compared with conventional manufacturing
processes, but it also suffers from key drawbacks, such as its reliability and quality in terms of
dimensional accuracy, mechanical strength and surface roughness.

Keywords: additive manufacturing; selective laser melting; defects; process parameter; powder bed
fusion; surface roughness; porosity; microstructure; residual stress

1. Introduction

A new class of technology known as additive manufacturing (AM), commonly referred
to as three-dimensional (3D) printing, is concerned with the direct production of physi-
cal items from computer-aided design (CAD) models utilizing a layered manufacturing
process. A revolutionary change from craft to mass production occurred in the manufac-
turing paradigm prior. AM’s arrival resulted in a fresh paradigm shift away from mass
manufacturing and toward mass customization [1]. AM has grown exponentially because
of its crucial role in the fourth industrial revolution [2]. Due to that, AM has become a
key technology for fabricating customized products owing to its ability to create complex
objects with advanced attributes (new materials, shapes) [3], near net shape, and buy-to-fly
ratio [4,5]. According to the consensus among researchers and the industrial community’s
findings, metals based on AM technologies have tremendous application potential that can-
not be matched by traditional manufacturing technologies [6], and metal AM is a promising
technology in the next generation of the manufacturing process [7]. Moreover, the AM
market, though small compared to traditional manufacturing, has grown rapidly, which is
shown in Figure 1 of Ref. [1]. According to Koutiri et al. [8], since 2003, there has been a 42%
increase in parts produced by AM. Wohler’s report in the 2017–2018 reporting period [1]
also reported that the overall 3D printing industry grew by 21%. Moreover, according to
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the Wohler’s association in 2020, an industrial insight report on the AM market, the average
annual growth of the AM market was predicted to be over 20% in the next five years [9].

The ISO/ASTM 529000:2015 standard has categorized the AM methods into seven
main groups, including binder jetting, directed energy deposition, material extrusion, pow-
der bed fusion, sheet lamination and vat photopolymerization [10–12]. PBF method is
widely employed in a variety of industrial areas, including the aerospace, energy, trans-
portation [13,14], biomedical, automobile and jewelry industries [8,15–17]. PBF is the focus
of this paper, and details are given in Section 3.

Quality and reliability are major concerns in state-of-the-art Industry 4.0 technologies,
including AM [18]. AM technologies have recently gained more attention due to their
ability to manufacture complex parts, so the quality and reliability of AM is an emerging
area. The challenges of PBF-produced parts have become a hot issue among stakeholders.
Tapia et al. [6] demonstrated a consensus among experts and stakeholders in the aerospace,
healthcare, and automotive fields that metallic AM parts are still not sufficient to meet their
stringent requirements. For successful adoption, it is necessary to have a comprehensive
understanding of the materials ecosystem in AM. This paper discusses the present state
of the PBF process and technological challenges, with a focus on SLM. Decisively escaped
discussing all types of PBF processes, instead focused on SLM and slightly stating electron
beam powder bed fusion (EB-PBF).

2. Materials and Methods

In this review work, the literature coverage considered is comprised of open scientific
sources published mainly in the last 10 years. To obtain sufficient coverage of the works
reported on the topic of the PBF-based AM process, we used the following scientific
databases to search through the literature: scientific.net, Scopus, Elsevier, Science Direct,
web of science, Google scholar, springer, semantic scholar, PubMed, JSTOR, DOAJ, MPDI,
research gate, SAGE, BASE, SCISPACE, Taylor & Francis and others. The search keywords
used in English language were additive manufacturing, powder bed fusion, selective laser
melting, defects, process parameters, quality, surface roughness, porosity, microstructure,
residual stress, etc. Other descriptive terms were also used in some cases to be specific with
the objective of the review.

3. Powder Bed Fusion—Based Metal Additive Manufacturing Process

PBF is a group of AM technologies where an energy source is used to selectively
bind or melt powder particles to build parts layer by layer to the desired geometry [15].
The first PBF process, selective laser sintering (SLS), was developed at the University of
Texas [2,12,19,20]. According to Ahmadi et al. [21], SLM began in 1995 at the Fraunhofer
Institute ILT in Aachen, Germany.

All other PBF processes significantly change the latter basic approach in one or more
ways to improve machine productivity. The basic schematic representation of the PBF
process is illustrated in Figure 1. PBF is widely applied and possibly the most evolved AM
technology available [22]. According to Vafadar et al. [23], 54% of the metal AM market
belongs to PBF processes as of 2020. Korpela et al. [24] stated PBF-process is the most
evolved metal AM technology to produce engineering components. The PBF machine
manufacturer has their own specific commercial names, such as SLS, direct metal laser
sintering (DMLS) and SLM, which is also known as laser powder bed fusion (L-PBF) or
electron beam melting (EBM) [13,23–27]. Although some systems have the word “sintering”
in their names, the majority of metal PBF systems in use today completely melt the particles
rather than sintering them [24,28].

Comparing the effectiveness of those PBF and other processes is currently becoming a
research concern. For example, the PBF shares common parameters with directed energy
deposition (DED). The PBF system utilizes a powder deposition method that consists of
a recoating mechanism that spreads a powder layer onto a substrate plate and a powder
reservoir. Once the powder is evenly distributed, PBF uses thermal energy from a heat
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source (laser or an electron beam) to trace the geometry of an individual layer of slices from
a 3D model on the powder bed’s surface [29]. DED can use the same source of energy and
feedstock as PBF. However, DED deposits a melted material feedstock through a nozzle
onto a surface [30]. The similarity between DED and PBF under the same source of energy
becomes an interesting concern. DED has a high deposition rate and is preferable for
larger component manufacturing due to the slower process of PBF [31]. PBF methods
have an advantage over DED methods in producing parts with higher resolution and
quality [30]. Babuska et al.’s [7] findings strengthen the aforementioned statements, where
the mechanical performance of Fe-Co components is produced by PBF and DED under a
laser beam. The part L-PBF was characterized as high strength (500–550 MPa) and high
ductility (35%), while L-DED results in low strength (200–300 MPa) and low ductility
(0–2.7%). Even though there are fundamental manufacturing approaches, the process
parameters involved at different levels are not explained in the study.
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The comparison among the PBF sub-categories is also another concern of the continu-
ous improvements in R&D. The printing process of both L-PBF and EB-PBF is nearly the
same [4] or a similar process [33]. However, there are several differences that need consid-
eration as they affect the quality of the final components. Basically, EB-PBF was introduced
to overcome the challenges of L-PBF, such as power and speed [15]. EB-PBF uses a high-
energy electron beam 3000 W [15] or (~3500 W) [34]) and proceeds in a vacuum to control
the oxidation of highly reactive metals like titanium and magnesium [19,20]. The presence
of a vacuum atmosphere in EB-PBF favors slower cooling rates [14], which leads to lower
residual stress [4,14,35]. However, EB-PBF suffers from poorer dimensional accuracy [29,36]
and surface roughness [29,37] and is limited to only conductive metals [4,19]. Thus, it is
comparatively less applied to the current technology in the industry. In contrast, L-PBF
has a relatively broader application due to its capacity to produce fine-size features (i.e., to
small pool size) and intricate features [4]. L-PBF uses lower power (100–1000 W) [14,38],
relatively good dimensional accuracy and roughness [14,39]. The challenges of L-PBF
are high porosity due to the presence of inert gas or nitrogen [40], fast cooling rate that
leads to high residual stress [14] and a slow scanning speed [19] compared to EB-PBF.
However, L-PBF (SLM) emerges as a leading candidate to manufacture mission-critical ap-
plications [41–43], such as aerospace and defense applications [44]. Therefore, the focus of
this study is principally on the SLM, which is currently the most used metal AM technique
for fabricating parts.

4. Process Parameters in Powder Bed Fusion-Based Metal Additive Manufacturing

As mentioned earlier, PBF is possibly the most evolved AM technology. However, the
production process is still expensive and slow compared to conventional manufacturing.
Moreover, the components are typically semi-finished and need post-processing. According
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to Ladani et al. [15], the most interesting aspect of PBF-AM is the possibility of the potential
control of final products through a bottom-up approach; i.e., microstructure, flaws and other
properties can be controlled through the process by intelligently varying the parameters.
Several authors agree on the primary contribution of process parameters to the formation
of defects. Hence, monitoring the root causes of defects and controlling them provides
important insights into enhancing the quality of final products. Numerous researchers
stated the influential process parameters for SLM as laser input energy, powder material
and scanning speed [45]. Murugan et al. [16] considered the layer thickness, scan speed,
hatch spacing, size of the powder particles and orientation of the layer. Javidrad et al. [46]
used scanning speed, laser power and hatching space to determine the effect of volume
energy density (VED) on the microstructure of Inconel 625. From the process mapping, it is
identified that the thermal gradients, melt pool size and residual stress are affected by the
powder feed process [33,47].

As Ladani et al. [15] stated, the outcome of SLM largely depends on process parameters
and the interplay of physical phenomena. The great desire of the manufacturing industry
is to be more profitable through high production rates, low wastage, no defects and
less effort. So, the significant contribution of process parameters to the final product is
revealed via various studies. However, the parameters guaranteeing the highest production
speeds are not disclosed with the best achievable accuracies. For example, layer thickness
increases have a significant positive impact on building time and a negative impact on
accuracy [24,40]. This implies that as the production rate increases, the desired quality
decreases, so several process parameters need to be considered in SLM. However, some
of those can be predicted in advance, while others are challenging to predict because
they are generated through rigorous processes. Therefore, bottom-up monitoring and
controlling process parameters are vital techniques. This review categorizes the aspects
of the bottom-up process parameters sources under powder, laser, powder material, and
printing chamber environment parameters, as shown in Figure 2.
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4.1. Aspects of the Powder Particle Morphology

The PBF-based metal AM received attention from industries and R&D due to its
rewards, high degree of customization and the minimal buy-to-fly ratio [5]. The hard mate-
rials that would be difficult by other manufacturing processes are some of the reasons why
SLM tends to be selected. Moreover, SLM can produce complex feature parts, and powder
can be reused. However, the SLM process came with additional properties of powder
particle size distribution (PSD), shape, density, flowability and other powder morphology,
which have considerable impacts on the qualities of components. Those parameters can
be categorized as the single particle (shape, smoothness, PSD, impurities, composition,
moisture, etc.) and bulk properties (apparent or bulk density, tap density, Hausner ratio,

4



Metals 2023, 13, 424

flowability and physical properties) [48]. The parameters related to the powder morphol-
ogy are the pre-defined or pre-process parameters. The powder morphologies, such as PSD
and shape characteristics of individual particles, such as sphericity and uniformity, have
significant effects on the bulk properties of powder as well as the final part. This is due to
their critical impact on determining the optical penetration depth [49,50].

The single-particle morphology determines the conductivity due to the voids and
level of connection among particles. This affects the penetration depth and leads to melting
pool size and shape, which are responsible for the variability in part properties and several
defects [49]. The bulk properties of powder particles, such as flowability, have various
interrelated effects on the process [48]; a very small change in the PSD influences the
flowability, which has been noted to impact packing density [51]. The flowability is reduced
due to the satellite particles (<10–15 µm) connected to large particles impacting the packing
density due to increased mechanical interlocking powder flows in SLM [40]. However, the
fine grain size enables achieving better layer thickness, which improves surface roughness.
According to Karapatis et al. [52], experimental results show the apparent density of thin
powder layers increases from 53% to 63% of solid material when adding 30 vol % of fine
powder to the coarse one. The mechanical performance improvements in steel components
in the SLM process are due to refined microstructure by small particles [43]. This indicates
the contribution of particle size in microstructure is also noticeable.

The material properties of components are extremely sensitive to pre-process parame-
ters [53–55]. Spierings et al. [56] explored how three different powder granulations affect
the mechanical characteristics, surface quality and part density of the produced SLM steel.
The finding indicates the coarser particles result in a rougher surface and lower density. In
the other case, fine particles are easily melted and favor good part density and surface qual-
ity, whereas large particles have the benefits of ductility, mechanical strength, hardness and
toughness [57]. The flowability, which is the effect of both fine and large particles, impacts
layer-to-layer variation in parts, and as the powder size increases, the yield strength and
ultimate tensile strength (UTS) increase [49,51,58]. This reinforces that PSD has a concern
with repeatability in the material properties of produced parts. Ladani et al. [15] mentioned
that powder feedstock quality has a direct effect on the quality of fabricated parts and the
repeatability of the process. Therefore, the PSD and other morphologies of powder have
various effects on the parts, such as repeatability.

The powder particle source of challenges can be from the powder production tech-
niques to the part manufacturing. However, there is inadequate coverage in the literature
on the powder production techniques’ improvement with the alignment of the PBF process.
Powders prepared with different methods also showed different mechanical properties on
the components due to the difference in their microstructure [15]. Samples fabricated using
gas atomized (GA) powders showed higher microhardness than the samples prepared
using mechanically alloyed plasma spheroidized (MAPS) powders with almost similar
composition [15,59]. Sanaei et al. [60] find feedstock material as the first source of defects
based on the atomization process and whether it carries entrapped gas. In addition, there
are claims that the overestimation of the SLM material utilization is 100%. It has been
reported that a 95% material efficiency is more reasonable [61]. So, it is crucial to realize
how laser heat affects recycled metal powder and in what way that processing affects the
final parts’ microstructural and mechanical properties [62]. The impurities and powder
recycling are keen aspects of monitoring the qualities of the part as bottom-up controlling.
The leftover powder from each build is recycled, then returned to the system for further
use. However, the powder can be exposed to air during handling, and hence, the forma-
tion of surface moisture and oxides is possible [62]. In addition, as one major aspect, the
environment of the SLM processing chamber is very important to fabricate oxide-free parts.

Despite using protective inert environments and a shielding inert gas flow to limit the
oxygen content in the working chamber, there is always a chance of a small percentage
of unwanted oxygen content (~0.1–0.2%) present during the SLM process [63]. Oxygen
existing in the surrounding atmosphere entrapped inside the powder particles causes
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various defects like porosity, void formation and mechanical properties [16,40,57]. More-
over, considering the percentage of the recycled, as well as the number of recycling times,
additional unseen characteristics of parts will be revealed. Lewis [5] addressed the effects
of powder reuse PSD, the aspect ratio of particle morphology and flowability. However,
the number of recycling is not addressed as there is a high chance of repetition in the SLM
to be cost-effective.

The comparison of sieved recycled and fresh powder of AlSi10Mg microstructure was
conducted, and slightly similar results were obtained [62–64]. However, the experimental
work considered a limited number of recycled powders. The production of high-quality
and fully dense components generally depends heavily on the grain shape, PSD, surface
morphology and overall purity of metallic and alloying elements.

4.2. Aspects of the Laser Process Parameters

In addition to the powder particle morphology, the SLM parts are sensitive to printing
process parameters (e.g., beam size, power, scan rate and others) [54,65]. The SLM shares
common parameters with seam welding [25,66], so most of the descriptions are taken
analogically in different studies. Therefore, the defects that occur due to unrestrained
process parameters in micro welding, such as keyholes that can be avoided by expanding
the beam size [67], are expected in SLM.

The interaction of the laser and the powder is a complex phenomenon due to multiple
phase changes and variable absorbance [27,49,57,68]. That is due to the powder morphology
and the rapid timescale interaction with the focused nature of a laser spot on microscopic
spatial scales. Even when operating on these small scales, minor perturbations can have
a significant effect [49]. Therefore, the factors affecting energy absorption and quality of
components are the beam spot size, the shape of the deposit geometry and protective
gases [27]; this is due to their impacts on the size and shape of the melt pool [33,54]. Mudge
et al. [69] indicated that the laser spot size needs to increase with powder feed to increase
the deposition rate, which increases production volume [42]. However, doing that would
lead to a coarse surface finish due to the increase in melt pool size. The size and shape of
the melt pool affect the mechanical properties of the part, i.e., the formation of porosity
and rough surface [49,70,71]. Melt pool size and shape are considered selection factors for
other parameters. For instance, Aboulkhair et al. [71] considered melt pool size and shape
for Ti64 related to forming pores and surface conditions. They suggested the operator
find optimum values of other parameters because the measured porosity result shows an
increase at too large or a decrease at too small a beam spot size [33].

Most of the parameters in the laser aspects are interrelated and too complex to figure
out as they are very fast interactions with powder morphology timescales. However, energy
density or specific energy encapsulates all other characteristics in a single variable. The
proper energy density is critical for the melting of materials [26]. The energy density can
be described by its spot size, pulse duration and frequency [62]. The fluctuation of energy
density causes a repeatability problem in SLM as an inconsistent melt pool has effects, such
as excess vaporization, that could occur from the transient higher energy levels [49].

The effectiveness of energy density can be affected by the morphology of powder [57]
and scanning-related or printing chamber parameters. For instance, increases and decreases
in scanning cause the formation of irregular and metallurgical morphology porosity, respec-
tively [71]. The other scanning-related parameters include the scan speed, scan spacing
and scan pattern [49]. There are also printing chamber-related factors, such as atmosphere
(inert gas), oxygen level and chamber pressure [72], as well as temperature-related pa-
rameters (powder bed temperature, powder bed feeder and temperature uniformity) [49].
Adjusting the process parameters for the powders, chamber environment and laser, one
could possibly alter the cooling rate and melt pool size. The important relation is that
the quality of the final part is the function of the involving process parameters from all
aspects. Ladani et al. [15] asserted the final microstructure of the part is a function of
global-level parameters such as build atmosphere, build orientation, scanning strategy and
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hatch spacing. This infers that the critical combination of those global process parameters
can contribute to the quality of the final part.

4.3. Aspects of the Feedstock Material-Related Parameters

Both in traditional manufacturing and AM, feedstock materials are one of the most
vital factors in the quality of the finished product. Reduced mechanical qualities or even
premature failure of the manufactured product could be caused by the poor quality of raw
materials. In principle, all materials that can be melted and re-solidified can be used in the
PBF process as feedstock [12]. According to Gibson et al. [19], any metal that can be welded
or cast could be used in the SLM process. That is due to the similarities of involving process
parameters [62]. However, the generalization of feedstock material selection for SLM based
on their characteristics of weldability and castability as a good candidate for SLM does
not have a strong scientific background due to the existence of huge differences between
welding and casting with the SLM process. Aboulkhair et al. [62] investigated the difference
associated with the solidification rate of both the SLM and casting process. The finding
shows the solidification rate of the SLM process is much steeper than the casting process.
Various mechanical properties and quality indicators, such as microstructures, are affected
by the solidification process. According to Wu et al. [73], conventional processing such as
welding and casting yields a coarse microstructure compared to SLM. Siddique et al. [74]
reported the yield strength of an SLM AlSi12 is four times that of the sand-cast alloy, which
they attributed to the fine microstructure. This indicates there could be variables that affect
the microstructure of the part, possibly related to the solidification rate. Moreover, the
feedstock format used in the case of SLM is powder, while welding uses bulk or wire that
affects the laser power absorption behaviors, which is quite similar to the statement under
the powder morphology aspect.

Furthermore, the materials repeatedly solidify and melt during re-scanning or re-
melting in SLM, which is different from the condition that the same material will go
through during welding. Therefore, the laser radiation can affect the alloying elements [61],
which will have another impact on the final part, so it is crucial to develop novel alloy
systems that are well suited for the SLM in terms of the desirable physical and chemical
properties. However, only a few alloys, such as AlSi10Mg, TiAl6V4, CoCr and Inconel
718, are currently the most important and can be successfully printed, claimed by Martin
et al. [17] in their study. The majority of more than 5500 alloys in use today cannot
be additively manufactured because the melting and solidification dynamics during the
printing process led to intolerable microstructures with large columnar grains and periodic
cracks [17]. Understanding a material’s thermal behavior during SLM is crucial before
beginning the experimental qualifying of the material to predict the microstructures and
mechanical properties of the parts [62]. However, fusion-based AM of metallic components
is a promising technology with plenty of benefits and applications. The challenge from a
feedstock perspective is that each application scenario imposes unique requirements on the
alloy properties. In this respect, fusion-based AM is still in its infancy, with many available
materials not designed for fusion-based AM processes.

The metals used in both AM and conventional manufacturing need parallel consider-
ation of the process parameters involved in the process, i.e., significant alterations to the
quality of the part. Table 1 reveals some of the literature that reported the same material
processed under different manufacturing process yields with different final part charac-
teristics. It indicates the weakness of the generalization that materials used in welding or
casting could be for SLM.
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Table 1. Tensile properties of Ti-6Al-4V fabricated by different processes.

Response Parameters
Tensile Properties (Ti-6Al-4V)

SLM LBW WAAM Casting EBW Units

Ultimate tensile strength 1267 [68,75] 974 [75] 988 [75] 976 [68] 967 [75] MPa
Yield strength 1110 [68,75] 942 [75] 909 [75] 847 [68] 922 [75] MPa
Fracture tensile strain 7.28 [68,75] 10.03 [75] 7.5 [75] 5.1 [68] 9.7 [75] %

Response parameters
Hardness and compressive properties (CP-Ti) [68]

LPBF 55% Cold rolled Casting Units

Hardness 261 268 210 VH
Compressive strength 1136 900 820 MPa
Maximum strain 51 35 60 %

EBW: Electron beam welding, WAAM: Wire arc additive manufacturing, LBW: laser beam welding, VH: Vick-
ers harness.

5. Powder Bed Fusion Additive Manufacturing Process Parameters and Defects

SLM has a unique ability to efficiently make complex shaped, hollow, thin-walled,
or slender parts. The ability to produce a functional part and near-net shape using SLM
without post-processing, i.e., machine finishing, would be an ideal use of the SLM process.
However, finish machining operations are required to guarantee part assembly and the
desired surface quality [76]. For instance, the milling operation, which is a commonly used
machining operation for the post-processing of additively produced parts, often encounters
challenges due to the anisotropic and crystalline textures. As a result, examining the effects
of SLM parameters on the cutting force and anisotropy of the Inconel 718 parts has been
the subject of recent research [77]. According to Perez-Ruiz et al. [77], post-machining
processes are still necessary to improve dimensional and surface quality, particularly in
low-stiffness components. To increase the stiffness of SLM components, they suggested
an iterative design process to obtain improved surface roughness and cutting force for
thin-walled bent ducts.

The process parameters of the PBF process have great impacts on the final products.
Understanding AM defects is essential for failure analysis, defect-based mechanical per-
formance modeling and the structural integrity of load-bearing components [60]. The
parameters could be from the powder morphology, laser related, the feedstock material or
the printing chamber environments. Currently, the main challenge of PBF is a complete
understanding of the relation between the processing parameters and the final quality of
components [68]. As mentioned in an earlier section, the factors from different aspects
contributed to the final qualities. The output parameters represent the quality of SLM prod-
ucts manifested in the form of geometry, microstructure, surface texture (lay, roughness,
waviness), porosity, cracking, distortion, delamination, balling, residual stress [27,43] and
others. According to Maurya et al. [27], the defects in AM are common, and that is due
to the process parameter; optimization is very important. Therefore, determining which
parameters are involved in the formation of specific defects is important.

5.1. Microstructural Defects in PBF-AM Fabricated Parts

The microstructure of the part is vital due to its significant impact on corrosion re-
sistance [78], fracture, toughness [79], ductility [80], thermal conductivity [81] and other
prominent properties [13]. Therefore, having consistent microstructure in additively man-
ufactured parts is a big concern. The microstructure is the function of various process
parameters, and a variety of microstructures can be produced under different parameters.
The fact that each layer is created by partially melting and solidifying the previous layer
adds complexity to the SLM process. In addition, SLM experiences a fast cooling rate of 104

to 106 K/s [46] due to the substantial temperature gradient and even leads to cracks owing
to rapid shrinkage [82].
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The role of process parameters in forming a variety of microstructures is significant.
For instance, laser power, scan speed, layer thickness, hatching distance, scanning strategy
and others show different microstructures, including single crystalline-like microstructures,
crystallographic lamellar microstructures and polycrystalline microstructures [83]. Crystal
textures cause the anisotropy of mechanical properties such as Young’s modulus, yield
stress and wear resistance [84]. Anisotropic microstructures are commonly developed
based on the cooling direction within a melt pool. On the other hand, SLM is highly
effective at controlling the crystallographic texture of a wide range of metallic materials,
from randomly oriented polycrystalline to single crystalline-like microstructures. The
single-crystal-like metal structures are applied to fabricate nearly totally dense tungsten
parts with a relative density of 99.1% by tuning the laser process parameters, which is the
greatest value yet reported [85]. However, suppression of the occurrence of compositional
supercooling is required to obtain a single crystal [84].

Several authors considered the impacts of different process parameters on the condi-
tion of the microstructure of metal-based PBF. For instance, Niendorf et al. [86] produced a
highly anisotropic microstructure of 316L stainless steel with strong texture by variation of
the laser power at the value of 400 and 1000 W, average PSD of 40 µm at 50 µm and 150 µm
layer thickness. The use of a 1000 W high-energy laser system reveals a coarse and strongly
textured microstructure. The significance of the other parameters (except for laser power at
100 W), such PSD and scanning speed, are not clearly described or emphasized. Martin
et al. [17] indicated the contribution of PSD on the formation of microstructures, and the
parameters of powder have a significant contribution to altering the form of microstruc-
tures. Even the introduction of nanoparticles to SLM is part of the evolution of an isotropic
microstructure with fine equiaxed grains [17]. The study on the Inconel 718 samples with
layer thicknesses (20, 30, 40 and 50 µm) reveals that the lower the layer thickness, the
denser and better the dimensional accuracy [87], which is marginally related to mechanical
properties, i.e., microstructure.

Furthermore, several authors considered the energy density or specific energy density
as the vital parameter to determine the microstructure of the SLM part. The relationship
between specific energy density, microstructure, and corrosion resistance of the SLM
specimens of CoCrMo under SLM was investigated [88]. The findings demonstrate that a
higher specific energy density promotes columnar grain development and results in coarse
grain size, and critical energy density is suggested. Energy density is dependent on other
parameters, such as laser power and scanning speed, i.e., increasing scanning speed reduces
line energy density [15]. This is due to local energy losses, such as the interaction of the
beam with a different morphology of powder and hatching strategy. In addition, a higher
beam current causes a loss in alloying elements from the original composition and forms
defects in the microstructure. For instance, the research of Ge et al. [89] on Ti-47Al-2Cr-2Nb
shows at 10 mA, there was a 15% loss of aluminum, and the microstructure also exhibited a
variance with the beam current compared to raw powder composition, as shown in Table 2;
the perspective microstructure is illustrated in Figure 3. Therefore, considering the melting
point of alloying elements of feedstock materials while applying beam currents is critical.

Table 2. Chemical composition of as-built samples (atomic percentage) [89].

Sample No Melting Beam Current (mA) Ti Al Cr Nb

1 4 45.25 50.48 2.17 2.10
2 6 55.63 39.71 2.08 2.58
3 8 58.13 37.43 1.62 2.82
4 10 61.85 33.50 1.47 3.19

In high-tech industries such as energy and aeronautics, some components need to be
very lightweight without compromising their strength, which has a direct relation with the
microstructure [90]. The microelement size, shape and topology design and optimization
are becoming vital challenges, particularly in the manufacturing of skeletons with cavities,
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which are the concern of additive manufacturing. Calleja-Ochoa et al. [90] proposed the
use of “replicative” structures in various sizes and orders of magnitude to manufacture
parts with minimum weight while maintaining the needed mechanical properties.
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In general, the literature shows that the microstructure is the actual concern of SLM,
and scholars identified process parameters that need to be monitored separately. The
property of the material under consideration is also essential since the dynamics of melting
and solidification during the printing process result in intolerable microstructure and
cracks, as already mentioned by Martin et al. [17]. However, there is small coverage with
collective impacts that are related to laser, powder morphology, feedstock material and
chamber condition.

5.2. Surface Roughness of PBF of Produced Parts

Surface texture is the geometrical irregularities or roughness that exist on the sur-
face [57] and is influenced by different factors of SLM [27,43]. Surface quality is one of
the unsolved problems in SLM [91]. The surface finish condition plays a key role in the
mechanical, tribological and functional performance of SLM components [43]. For example,
an increase in surface roughness tends to cause faster crack initiation, with a resulting
decrease in fatigue performance [92].

The surface roughness of SLM parts is nearly four to five times of the machined surface.
Therefore, addressing those responsible process parameters is the principal endeavor. From
the powder morphologies, PSD, shape, smoothness, apparent density and flowability are
some of the factors considered by various authors that have shown significant contributions
to surface roughness [48,56,57,93]. The large particles inside layers could cause a rough
surface because the volume of particles tends to form voids when they are removed in the
finishing process [94]. The staircase is another source of a rough surface due to the layered
nature of part construction, creating a stair-stepping effect that is heavily dependent on
part orientation [95]. In addition to surface roughness, the staircase causes dimensional
inaccuracy and volumetric error, as shown in Figure 4, where Si is the contour area of
ith layer.
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The other surface roughness challenge of SLM comes from the standard triangulation
language (STL) file [97], as it is responsible for creating slice thickness that leads to a
staircase effect on the part. The variation of surface roughness with the .STL file is given in
Table 3. In the other case, the combined effect of the scanning speed and layer thickness
study shows as both parameters increase, the surface roughness increases, which is given in
Table 4. However, the study missed that layer thickness could be affected by the flowability
of the powder. Poor powder flowability blocks the spreading of particles and affects
the continuity of layer-led rough surfaces [43]. This implies the powder morphology,
which determines the flowability status, has indirect impacts on the surface condition of
the component.

Table 3. Surface roughness and deviation [97].

Sample No. of Triangles Ra [µm] Rz [µm] Deviation .STL File

1 40,242 17.2 90.0 0.0286
2 1,994,398 19.5 101.2 0.0231
3 69,642 12.4 61.2 0.0258
4 40,242 17.9 87.4 0.0292
5 69,698 21.2 102.2 0.0331
6 1,994,398 18.4 90.9 0.0311
7 6114 17.8 82.2 0.0289
8 69,698 20.2 106.7 0.0314
9 11,304 20.4 95.1 0.0316
10 4880 20.6 109.3 0.0325
11 40,242 18.9 80.4 0.0318
12 1,994,398 15.2 79.3 0.0271
13 1,994,398 16.9 77.4 0.0282
14 10,502 14.6 88.3 0.0268
15 10,502 17.5 85.6 0.0285
16 4516 24.2 124.1 0.0347

Table 4. Surface roughness (Ra) at different layer thicknesses and scanning speeds [56].

Roughness, µm Surface 30 µm 50 µm 70 µm

Scanning speed = 70 mm/s Top 25.67 29.8 35.9
Side 15.67 18.6 18.9

Scanning speed = 90 mm/s Top 26 34 41.6
Side 16.8 19.8 20

The interdependency of the surface quality and the laser process parameters, although
it is mentioned in the literature, is still not yet fully analyzed or quantified. According
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to Galy et al. [98], the usually adjusted parameters for surface improvement are those
from energy input into the part contour. The surface variation often results from the
adjustment of linear energy density consisting of laser power and scan speed, which is
given by Equation (1). The Ψ is specific laser energy (J/mm3), P is the power of the laser
(W), v is the scan speed of the laser (mm/ s), h is the inter-bead distance (mm) and d is the
thickness of the layer of powder deposited (mm) [98].

ψ =
P

v.h.d
(1)

However, as many researchers debate on the equation, the other parameters, such
as laser spot diameter, the direction of gas flow and hatching strategies, are not deemed.
This is due to the intensity of laser energy being varied by focal position via laser beam
diameter on the build platform [92]. So, the interdependency of those parameters becomes
a vital factor for the instability of melt pool size and shape and leads to balling, pores
and variation on the up skin of the component. Chowdhury et al. [68] found that the
tendency of ball formation can be reduced by increasing energy density. However, the
excessive input energy causes the spreading and melting of the previous layer [46], which
leads to another issue on the microstructure and forms complexity to other properties. In
general, the common source of surface roughness can come from the powder, material and
working chamber. However, the limited literature coverage is given for the factors from
the chamber that includes the inert gas and limited oxygen. According to Li et al. [91],
although shielding gas may prevent oxidization, it is very hard to completely eliminate
the oxidation when the experiments were carried out in the air, especially for some active
metals element.

5.3. Porosity of PBF-Produced Parts

One of the most common defects in SLM parts in general, irrespective of the material,
is porosity, so more studies focus on the mechanism, causes and minimization of poros-
ity [62,71,99–101]. According to Coro et al. [102], AM technology is an excellent choice for
future designs. However, if the printing parameters are not fine-tuned, pores can emerge
during the process. Due to the steep cooling rate process in the SLM, the cracking of parts
is expected [101]. The presence of porosity potentially promotes cracking due to the notch
effect [8,27,103–106]. Pores can develop over time due to entrained gas, chemical reactions,
and supersaturated dissolved gases that create air holes in the melt pool [107]. The input
process parameters responsible for the formation of porosity are suggested in the previous
work of researchers. For instance, Peng et al. [101] developed the energy demand model to
manufacture the SLM steel parts using critical parameters such as laser power, scan speed,
layer thickness and hatch spacing.

The porosity in SLM can manifest on the surface or sub-surface. The sub-surface
porosities are mostly located in the transitional zone between the counter path and the
hatching path [8]. The porosity in the SLM is categorized into spherical (gas or hydrogen
porosity) and irregular (keyhole or lack-of-fusion) morphology [27,72]. The size and shape
of porosity indicate the phenomenon that has caused it [98]. The presence of moisture on the
powder surface can easily capture hydrogen and contributes to the spherical morphology
of pore development [62], which is known as metallurgical pores. In the other case,
the presence of non-molten powder causes a lack of fusion, or keyhole pores are the
categories under irregular morphology. According to Tang et al. [100], oxides formed
during the melting and solidification of the sample are some of the conditions responsible
for the formation of irregular morphology. This implies the parameters in the melting and
solidification process contribute to the formation of irregular morphology porosities. The
indirect description for porosity is the relative density of the part. Components that have
lower relative density or higher pores are exposed to premature failure [107].

From the wing of laser parameters, most studies on reducing the rate of porosity
within a material produced by SLM focus on the process and especially on the optimization
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of the energy density factor. As mentioned earlier, energy density is the function of laser
scan speed and laser power. Kimura et al. [107] investigated how energy density affects
the development of pores. So, the finding suggests that the part’s relative density dropped
at both greater and lower energy densities. Incomplete melting of the powder causes
porosity at lower energy densities, and at higher densities, many spherical porosities
appear as morphological features of gas pores, either trapping argon from the combustion
chamber due to the active flow of the molten metal or because the dissolved hydrogen
aired during fusion. The relative density of A356.0 SLM specimens created with various
levels of laser power at various scan speeds at a constant scan spacing of 0.1 mm is depicted
in Figure 5a. The density of the specimens is reduced with increasing or decreasing scan
speeds. For the specimens created at a specific scan speed and laser power setting, a peak
density was discovered. The relative density of the specimens plotted as a function of scan
spacing is shown in Figure 5b. In addition, the study conducted on Ti-6Al-4V fabricated
by SLM indicates that as the interaction between high laser beam and powder particles at
fixed layer thickness (20 µm), the samples contain low porosity when the speed is below
2700 mm/s [98]. Further increasing the speed led to an increase in porosity but not a
significant one. Gong et al. [108] suggested the operator find optimum values to balance
the parameters due to the result of his measured porosity showing increments of either too
large or too small a beam spot size.
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In SLM, melting and solidification occur locally; the cooling rate is the function
parameters such as beam power, beam speed, the pre-heat condition, build geometry and
hatch spacing. Koutiri et al. [8] investigated the possible link between volume energy
density and the porosity rate of SLM by incorporating the hatching distance with laser
power and scanning speed. Two geometries of pores are observed as circular, which is close
to the up skin and the irregular one, i.e., the keyhole with deeper beads formed around the
overlap between the two strategies (contour and hatching). The dependence of porosity on
those parameters is shown in Figure 6.

In the other case, higher relative density in powders improves the process by reducing
internal stresses, part distortion and final part porosity [109]. This is due to the thermal
conductivity increment with a relative density of the particle. The effects of powder particle
size, shape and distribution on the porosity of the SLM part is another aspect. However,
several researchers considered parameters related to energy density, such as laser power,
scan speed, scan spacing and layer thickness [57,110,111]. The material absorptivity of
laser energy and powder particle size needs to be considered to analyze the porosity
formation rate.
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5.4. Residual Stress in PBF-Produced Parts

High residual stresses are one of the fundamental phenomena that hinder SLM’s
widespread adoption in the industry, even though it is now a well-established metal man-
ufacturing method. The stress is created by the large thermal gradients created by the
laser that passes over an area with the powder rapidly melting, then back to solidifica-
tion [18,49,62,112]. As the name suggests, these stresses remain in a component once the
material has come to equilibrium with the environment [112,113]. Some of the effects of
residual stresses are warping and thermal stress-related cracking, which cannot be corrected
by post-processing [113]. Shrinkage is another form of shape distortion, which causes a
lack of dimensional accuracy [112].

The exaggerated residual stress in SLM [62,112] inhibits the application of parts due
to the aforementioned flaws. Therefore, it is crucial to identify input process parameter
combinations that produce the smallest residual stress and associated defects magnitudes.
The mechanism of residual stresses can be due to the temperature gradient that occurs at
the laser spot and cooling rate. The mechanisms of residual stresses in SLM are well ex-
plained in [112]. The major defects due to residual stresses are dimensional deviation [114],
delamination, stress-induced cracking and accelerated crack growth, which leads to early
fatigue failure [115]. Warping, distortions and cracking are irreversible by post-processing
techniques such as stress relief heat treatment [116,117]. Therefore, due to the catastrophic
failure of components, understanding the process parameters responsible for the cause of
residual stress is crucial for mitigation in advance. The negative impacts of residual stresses
can be greatly diminished by manipulating one or more of the process parameters. As
mentioned by Mugwagwa et al. [115], some of the factors that influence residual stresses
include scanning patterns, scan vector lengths, scan vector angles, rotation angles between
layers, part geometry, material type, support types and pre-heating conditions. The resid-
ual stress formation and process parameter mapping of SLM needs deep insight and still
require more consideration.

Several authors identified influential process parameters responsible for the induced
residual stress. For instance, Yadroitsev et al. [117] considered laser power, layer thick-
ness and scanning speed to analyze the residual stress of SLM, while several researchers
considered laser power and scanning speed [118–120]. The effect of process gas, scan
speed and sample thickness on the buildup residual stresses and porosity in Ti-6Al-4V
produced by SLM was studied [121]. In the other case, the common defect in SLM porosity
has a positive effect on the residual stress [115,122,123]. That is the trick that needs to be
emphasized in the research to clarify at what level of porosity is tolerated to handle the
residual stress without exposing the components because of the porosity. The scatter plot
in Figure 7 shows that pores indeed have the effect of relaxing residual stresses, and higher
porosity leads to less distortion. The interdependence of porosity and residual stress will
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give consideration to both influential process parameters. In several studies, the constraints
from powder particles and individual influential process parameters for distortion, residual
stress and porosity are not clearly considered, and the focus of the studies was to reveal the
relationship among the responses.
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The influence of energy density on the residual stress is studied. When parameters
are varied simultaneously, there is no observable influence of energy density on residual
stresses, as shown in Figure 8. Thus, according to Mugwagwa et al. [115], energy density
cannot be used to explain or account for the differences in the observed process outcome,
which is similar to the observation of Prashanth [58]. However, the energy density is the
function of laser power and scanning speed; considering those parameters, one factor may
affect the result.

Metals 2023, 13, x FOR PEER REVIEW 16 of 22 
 

 

 
Figure 8. Scatter plots of the effect of energy density on residual stress magnitude (Adapted from 
[115] with permission in accordance with Creative Common CC BY license, open access). 

5.5. Repeatability and Reproducibility Issues of PBF Process 
According to the review article published in 2014 by Tapia et al. [6], a consensus 

among experts and stakeholders in the aerospace, healthcare and automotive fields indi-
cate that metallic AM parts are still not sufficient to meet their strict requirements. The 
high-tech industries demand overall equipment effectiveness (OEE), which must be better 
than 70%, with scrap rates of less than 1000 ppm as a crucial criterion. The current world-
class vehicle manufacturer’s OEE is increased to 85% [49]. Weller et al. [124] further 
demonstrated the consensus in a comprehensive economic review on the implications and 
limitations of AM in the industry, and the greatest barrier is identified as the limitation of 
repeatability and reproducibility of parts, which affects the OEE calculations. According 
to ASTM E117, repeatability is precision under the conditions where independent test re-
sults are obtained with the same method on identical test items in the same laboratory by 
the same operator using the same equipment within short intervals of time [49]. Repro-
ducibility is similar, but the test can be carried out in different laboratories, with different 
operators and using different equipment. The high volume of research has focused on the 
capability of AM, but there is a lack of research coverage focused on its repeatability and 
reproducibility.  

The product quality and reliability characteristics, i.e., dimensional accuracy, preci-
sion, repeatability and reproducibility, are mostly affected by inherent and systematic 
manufacturing process variations [18]. One of the common errors that occur in PBF is di-
mensional accuracy. Researchers focused on the source of variation in the geometry and 
mechanical properties of parts. For instance, Franchitti et al. [125] considered orientation 
angle, build location and build height effects on the dimensional accuracy of Ti-6Al-4V 
rectangular parts fabricated by the EBM process. Thus, sample orientation and build lo-
cation were identified as the influential source of dimensional variations. The mechanical 
precision of the manufacturing setup, such as layer thickness, concentrated laser spot size 
and scanner’s position precision, is among the factors affecting dimensional accuracy [18]. 
According to Abedi et al. [126] The process variables such as temperature, strain and strain 
rate have a direct impact on the suggested constitutive equations’ precision and repeata-
bility. Calignano et al. [97] investigated the dimensional accuracy of L-PBF using 
AlSi10Mg alloy and stated that the accuracy of parts produced is affected by the .STL file, 
build direction and process parameters. The choice of parameters for the .STL file affects 
not only the accuracy but also the surface roughness of the part’s build direction [96] and 

Figure 8. Scatter plots of the effect of energy density on residual stress magnitude (Adapted from [115]
with permission in accordance with Creative Common CC BY license, open access).

15



Metals 2023, 13, 424

5.5. Repeatability and Reproducibility Issues of PBF Process

According to the review article published in 2014 by Tapia et al. [6], a consensus among
experts and stakeholders in the aerospace, healthcare and automotive fields indicate that
metallic AM parts are still not sufficient to meet their strict requirements. The high-tech
industries demand overall equipment effectiveness (OEE), which must be better than 70%,
with scrap rates of less than 1000 ppm as a crucial criterion. The current world-class vehicle
manufacturer’s OEE is increased to 85% [49]. Weller et al. [124] further demonstrated the
consensus in a comprehensive economic review on the implications and limitations of AM
in the industry, and the greatest barrier is identified as the limitation of repeatability and
reproducibility of parts, which affects the OEE calculations. According to ASTM E117,
repeatability is precision under the conditions where independent test results are obtained
with the same method on identical test items in the same laboratory by the same operator
using the same equipment within short intervals of time [49]. Reproducibility is similar,
but the test can be carried out in different laboratories, with different operators and using
different equipment. The high volume of research has focused on the capability of AM, but
there is a lack of research coverage focused on its repeatability and reproducibility.

The product quality and reliability characteristics, i.e., dimensional accuracy, precision,
repeatability and reproducibility, are mostly affected by inherent and systematic manufac-
turing process variations [18]. One of the common errors that occur in PBF is dimensional
accuracy. Researchers focused on the source of variation in the geometry and mechanical
properties of parts. For instance, Franchitti et al. [125] considered orientation angle, build
location and build height effects on the dimensional accuracy of Ti-6Al-4V rectangular parts
fabricated by the EBM process. Thus, sample orientation and build location were identified
as the influential source of dimensional variations. The mechanical precision of the manu-
facturing setup, such as layer thickness, concentrated laser spot size and scanner’s position
precision, is among the factors affecting dimensional accuracy [18]. According to Abedi
et al. [126] The process variables such as temperature, strain and strain rate have a direct
impact on the suggested constitutive equations’ precision and repeatability. Calignano
et al. [97] investigated the dimensional accuracy of L-PBF using AlSi10Mg alloy and stated
that the accuracy of parts produced is affected by the .STL file, build direction and process
parameters. The choice of parameters for the .STL file affects not only the accuracy but also
the surface roughness of the part’s build direction [96] and other process parameters [18].
Here, dimensional repeatability is considered, and the mechanical property of the part is
not covered, and that is the unseen part of the literature. However, researchers investigated
the repeatability and reproducibility of PBF through the statistical analysis of standard
deviation, where each data set represents different operating parameters. This conflicts
with the definition given by ASTM E117.

The issue of repeatability and reproducibility needs the various aspects, powder
particles, laser parameters, materials and the printing chamber environments. According
to Dawes et al. [55], the more different the PSD in cobalt chrome, the better the ultimate
tensile strength obtained as the size of the powder increases; however, the repeatability of
these parts is reduced. This implies the PSD has contributed to altering the repeatability of
the part. The flowability of the powder has direct effects on the supplied layer thickness of
parts and yields different yield strengths and UTS [49].

In the other case, the consequence of other defects like residual stress can have effects
on the repeatability of the part. The volume shrinkage and thermal gradients together lead
to warpage and distortion, which causes dimensional inaccuracies and loss of quality in the
final part [96]. The effects of stair-stepping due to the layered nature of part construction
which is heavily dependent on part orientation [94], in addition to surface roughness, can
cause dimensional inaccuracies.

6. Conclusions

In this article, a review of the recent literature on research advances and applications
of powder-bed fusion-based additive manufacturing technology is conducted. The study
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focused on SLM-based AM technology, and based on the review, the following conclusions
are observed.

• In general, the current status of the SLM production process indicates that it is still
expensive and slow compared to the conventional manufacturing process. The com-
ponents are typically semi-finished and need post-processing.

• PBF-based metal AM received attention from R&D due to its rewards, such as a
high degree of product customization and minimum buy-to-fly ratio. Moreover,
the SLM has the capacity to manufacture materials that would be difficult by other
manufacturing processes.

• The comparison of PBF and its sub-categories with other related processes, such as
DED, are among the concerns of the industries. The status of PBF indicates that
SLM is an emerging candidate for mission-oriented applications like aerospace, de-
fense and healthcare, while EB-PBF is a newer and less explored technology with
limited applications.

• SLM suffers from the drawbacks such as reliability and quality in terms of dimensional
accuracy, strength and surface roughness.

• The outcome of SLM largely depends on process parameters and the interplay of
physical phenomena. As the status and demand of SLM are changing from a rapid
prototype to mass production and then to customized production, the underdeveloped
issues related to processing parameters are a great future concern of the research for
the competence of the technology.

• Mapping process parameters with the outcome is the safest alternative to finding the
root cause of variations and monitoring in advance. However, the involved process
parameters in the phenomena are complex and change in a timescale. Controlling
certain quality aspects of a part could highly affect the unseen aspects. This paper
grouped the source of process parameters to powder morphology-related laser pa-
rameters, feedstock material properties and printing chamber environments. The
finding is a vital input for the bottom-up approach. In addition, considering the
relationships of the involved process parameters will lead to fruitful results on the
quality of the components.
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Abstract: In this study, we systematically examined the influence mechanisms of introduced cobalt
coated alumina (Co-coated Al2O3) particles on the microstructure and properties of cobalt-chromium-
molybdenum (CoCrMo) alloy printed by Laser Powder Bed Fusion (LPBF). The Co-coated Al2O3

composite powders with different density of cobalt coating were prepared by varying Al2O3 load
from 1 g/150 mL to 2 g/150 mL during the electroless plating process. Then they were mixed with
CoCrMo powders in the proportion of 1 wt.% and formed standard samples by LPBF technology.
The results showed that the addition of Co-coated Al2O3 particles improved the friction performance
of CoCrMo alloys significantly. The wear depth of CCM@2Al2O3 was only 2.18 µm and the wear
volume of it was about 10% of pure CoCrMo alloy. The CoCrMo alloy introduced the Co-coated
Al2O3 particles with a 1 g/150 mL Al2O3 load formed metal-ceramic bonding interface, which solved
the problem of poor wettability between Al2O3 and matrix in LPBF process. Such CoCrMo alloy
exhibited excellent tensile properties and the mean microhardness of it reached 379.9 ± 3.5 HV0.5.

Keywords: alumina; cobalt-chromium-molybdenum alloy; electroless plating; friction performance;
implants; Laser Powder Bed Fusion

1. Introduction

In recent years, Additive Manufacturing (AM) has attracted significant attention as
a type of novel and continuously expanding technology [1,2]. Laser Powder Bed Fusion
(LPBF), an additive manufacturing process, is widely used to manufacture orthopedic
implants [3,4]. The combination of CAD technology in LPBF makes the implants more
accurate and easier to meet the requirements of personalized medicine [5–9]. It is gen-
erally known that the most-used metallic biomaterials in LPBF-manufactured implants
are titanium alloys, Cobalt-chromium (CoCr) alloys, and stainless steel [10,11]. And CoCr
alloys plays an irreplaceable role in orthopedic implants due to excellent mechanical prop-
erties and biocompatibility [12–16]. However, the service time of the artificial knee joints
is limited because of the abrasion during movement, and the second operation is often
required [17]. Additionally, more young and active patients are using artificial knee joints,
and they have higher requirements for the wear resistance of implants [18].

Therefore, a great focus of researches have been put into improving the wear resistance
of LPBF-processed CoCr alloys. Li et al. [19] carried out three kinds of heat treatments on
CoCrMo alloys respectively, finding that the friction performance of aging-treated alloys at
moderate temperatures (450 ◦C to 750 ◦C) had been improved. Balagna et al. [20] prepared
the coating of tantalum carbide on the surface of CoCrMo alloys by molten salts, and the
existence of the coating reduced the friction coefficient. However, this method did not
control the thickness of the coating and was not suitable for personalized medicine. Isik
et al. [21] used two premix raw powders (CoCrMo + 2 wt.% tricalcium phosphate and
CoCrMo + 2 wt.% tricalcium phosphate + 4 wt.% Al2O3) to surface coat the CoCr alloy
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via Laser Engineered Net Shaping. This method improved the wear resistance of CoCr
alloys, but the inherent limitation of coatings was that they introduced discontinuities in
mechanical properties at the interface of the alloy matrix.

Some scholars proposed to enhance the wear resistance of LPBF-processed CoCr alloys
by improving the properties ofpowder feedstocks. Liu et al. [22] pointed out that it was a
very effective method to improve the friction performance by adding high wear resistance
powder to the matrix powder for parts fabricated by LPBF technology. The bioceramics
such as Al2O3, zirconium dioxide (ZrO2) and silicon nitride (Si3N4) are usually used for the
modification of metallic biomaterials [23–25]. Among them, Al2O3 is the preferred ceram-
icbecause of its excellent mechanical properties and wear resistance [26–30]. Gu et al. [31]
prepared Al-based composites reinforced by Al2O3 particles using LPBF technology, which
exhibited superior friction performance. However, insufficient wettability between Al and
Al2O3 led to plenty of defects such as interfacial microcracks and interface separation [32].
Li et al. [33] proposed the method of producing MMC powder through electroless plat-
ing, successfully preparing Ni/Al2O3 composite powder and the composite powder was
suitable for LPBF forming. Cao et al. [34] prepared Ni-Al2O3 particles with a core-shell
structure by electroless plating, and successfully fabricating CoCrMo alloys with different
amounts of Ni-Al2O3 particles by LPBF process. They found that the increase of Ni-Al2O3
content helped to improve the wear resistance of the alloys. The composite containing 1
wt.% Ni-Al2O3 particles achieved the highest microhardness and the most stable coefficient
of friction. However, the effect of Ni-Al2O3 powder prepared by different electroless plating
processes on the properties of composite was not explored. Moreover, the introduction of
Ni-Al2O3 particles increased nickel content in the CoCrMo alloys, which made the implants
easier to release Ni ions during wear and tear. Nickel was a harmful element to humans
because it could cause a biological allergy [35].

In order to improve the application of modified CoCrMo alloys in orthopedic implants,
Al2O3 powder was coated with nontoxic cobalt layer using the electroless plating process.
Moreover, the melting point of cobalt is close to that of CoCrMo alloy, so the cobalt
layer helped the wetting of Al2O3 particles by matrix alloy. Importantly, the effect of
Co-coated Al2O3 composite powders with different coating quality on the microstructure
and properties of these CoCrMo alloys were explored.

2. Materials and Methods
2.1. Materials

Commercially available CoCrMo powders produced by Guangzhou Nalian Co., Ltd.
(Guangzhou, China) were used in this study, and their chemical composition is listed in
Table 1. The SEM micrograph, Figure 1a, shows the spherical morphology of the CoCrMo
powder particles having uniform size. The average size of CoCrMo powders was 26
µm. The Al2O3 powders used in electroless plating were produced by Jiyuan Ceramic
Material Co., Ltd. (Jiyuan, China). The smooth surface of as-received Al2O3 (Figure 1b)
was conducive to coating the cobalt layer during electroless plating process. And Figure 2
shows the schematic representation of electroless Co plating and LPBF process.

Table 1. Chemical composition of CoCrMo powder (wt.%).

Co Cr Mo Si Fe N O C

66.53 26.81 5.72 0.69 0.11 <0.1 <0.1 <0.01
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Figure 2. Schematic representation of electroless Co plating and LPBF process. 
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2.2. Fabrication Procedure
2.2.1. Electroless Plating

In the process of electroless plating, the Al2O3 powders were pretreated before putting
into the plating solution. First of all, the raw powders were placed in 5 mol/L NaOH
solution for degreasing, and then coarsened with HCl solution. The coarsened Al2O3
powders needed to be sensitized and activated successively. The sensitization solution was
SnCl2 solution (20 g/L), and the concentration of PdCl2 activation solution was 0.5 g/L.
The above four steps required magnetic stirring of the solution for 20 min.

The pretreated Al2O3 powders were placed in a plating beaker immersed in a 66 ◦C
water bath and stirred for 30 min. The composition of the plating solution is listed in Table 2,
consisting of the main salt (CoSO4·7H2O), reducing agent (N2H4·H2O), stabilizer agent
(C4H6O6), complexing agent (EDTA), and pH regulating agent (NaOH). These chemicals
were produced by Chengdu Colon Chemicals Co., Ltd. (Chengdu, China). This process was
mainly the reaction of reducing agent and cobalt salt, and the equation of chemical reaction
was shown in Equation (1). The plating solution and Al2O3 powders were separated
by centrifugation, and subsequently the powders were dried in a vacuum for 2 h to get
Co-coated Al2O3 composite powders.

2Co2+ + N2H4 + 4OH− → 2Co + N2↑+ 4H2O (1)
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Table 2. Chemical composition of the plating solution.

CoSO4·7H2O
(g/L)

N2H4·H2O
(ml/L)

C4H6O6
(g/L)

EDTA
(g/L)

NaOH
(mol/L)

35 30 10 8 5

The powder load had an important influence on the properties of the coating during
electroless plating [36]. There were more powder particles in the same volume of plating
solution when the powder load was large, so the surface coating density of a single powder
particle decreased. In this study, the powder load was expressed by the ratio of the Al2O3
weight to the volume of the plating solution. Co-coated Al2O3 composite powders with
Al2O3 load of 1 g/150 mL, 1.5 g/150 mL and 2 g/150 mL were prepared respectively. The
amount of Al2O3 added to CoCrMo alloy was selected as 1 wt.% according to previous
studies [34], so the Co-coated Al2O3 composite powders were mixed with CoCrMo powders
in a mass ratio of 1:99 by V-type mixer (WKA-100, Qingzhou Madsen Co., Ltd., Qingzhou,
China). The mixer ran for 6 h at a speed of 200 RPM.

2.2.2. LPBF process

The pure CoCrMo alloy (CCM) and the CoCrMo alloys containing Co-coated Al2O3
particles were prepared by LPBF on an E-PLUS 150 machine (Beijing E-Plus 3D Tech. Co.,
Ltd., Beijing, China), and the process was carried out on the 316 L stainless steel baseplate
at the deposition conditions in Table 3. 10 mm × 10 mm × 10 mm blocks (Figure 3a)
were fabricated to analyze the microstructure and properties, which longitudinal section
was parallel to the building direction. The tensile samples were formed according to
the dimensions shown in Figure 3b. In this paper, the CoCrMo alloys containing Co-
coated Al2O3 particles were named CCM@1Al2O3, CCM@1.5Al2O3 and CCM@2Al2O3
respectively, corresponding to the Al2O3 load of 1 g/150 mL, 1.5 g/150 mL and 2 g/150 mL
during electroless plating process (these names were used in the following discussion).

Table 3. LPBF process parameters.

Laser Power Scan Speed Layer Thickness Scan Spacing

120 W 760 mm/s 30 µm 80 µm
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Figure 3. (a) LPBF-processed samples; (b) outline drawing of tensile samples.

Phase identification was conducted by X-ray diffraction (XRD) using the Dutch
X’Perthigh resolution three-dimensional diffraction system. Microstructure and energy
spectrum analysis of Co-coated Al2O3 composite powders were carried out with a JSM-
7900F scanning electron microscope (JEOL, Japan). The LPBF-processed samples used for
SEM were cut, ground and polished according to standard procedures and etched with
a solution consisting of HNO3 (10 mL) and HCl (30 mL) for 10 s. Then, the longitudinal
section of the samples was observed using a JSM-7900F scanning electron microscope.
Prior to EBSD analysis, argon ion etching of the metallography surfaces was conducted to
provide stress- free surfaces [37]. The Vickers hardness of samples was measured using
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a microhardness tester (HV-1000B, Lanzhou Huayin Test Instrument Co., Ltd., Lanzhou,
China) at a load of 4.9 N and an indentation time of 10 s. All samples were measured
at 10 points in the cross section and final microhardness value was the average of these
data. The tensile test was conducted at room temperature on a 3382 universal material
testing machine (Instron, Norwood, MA, USA) at a tensile speed of 0.5 mm/min. The
test process needed to measure the gauge length, thickness and width of the samples, and
then clamped the samples to the machine. The friction and wear test were conducted
with the HSR-2M reciprocating dry friction and wear testing machine (Lanzhou Zhongke
Kaihua Technology Development Co., Ltd., Lanzhou, China) with a 3 mm silicon nitride
friction pair. The machine applied a load of 5 N for 30 min at a speed of 500 RPM. Then
the wear depth and wear volume of the samples were measured by the MT-500 probe type
material surface abrasion tester (Lanzhou Zhongke Kaihua Technology Development Co.,
Ltd., Lanzhou, China).

3. Results
3.1. Co-Coated Al2O3 Composite Powder
3.1.1. Phase Analysis

Figure 4 shows XRD patterns of Co-coated Al2O3 composite powders. The main
characteristic peaks were Al2O3 and Co in the patterns. The peaks of Co were detected
at 41.68◦, 44.76◦ and 47.57◦ respectively, which proved that Co was generated during
electroless plating successfully. It was found that the diffraction peak height of Co was
close to that of Al2O3 in the composite powder with 1 g/150 mL Al2O3 load, indicating
that the Co phase accounted for a large proportion in the composite powder. However, the
intensity of Co peak gradually decreased with an increase of Al2O3 load. Because the Al2O3
load went up, there were more Al2O3 particles in the same volume of plating solution,
resulting in less Co deposited on each Al2O3 particle. Notably, the peak of Co3O4 appeared
at 36.84◦ in the patterns. The reason was that a small amount of cobalt salt generated
into Co(OH)2 under the joint action of the reducing agent and the complexing agent in
the plating solution. Co(OH)2 decomposed into Co3O4 under the condition of rapid heat
release during electroless plating process [38,39].
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3.1.2. Morphology Analysis

Figure 5 illustrates the morphological images of Co-coated Al2O3 composite powders.
As shown in the low magnification maps (Figure 5(a1–c1)), the surface of the composite
powders showed the flocculent coating compared with the raw Al2O3 powders, and all
particles were coated successfully. The specific powder particles were selected for further
observation (Figure 5(a2–c2)). The composite powder with Al2O3 load of 1 g/150 mL
also had excess cobalt in addition to forming a cobalt coating, which was different from
the other two powders. The cobalt coatings of different Co-coated Al2O3 particles were
observed at higher magnification (Figure 5(a3–c3)). It was found that the Co-coated Al2O3
particle with 1 g/150 mL Al2O3 load presented a dense cobalt coating, while the cobalt
coatings of the other two powders had pores. The porosity of cobalt coating increased with
the enhancement of Al2O3 load. The reason was that less cobalt deposited on the surface of
Al2O3 when the composite powder was prepared with a larger Al2O3 load, and it led to a
decrease in the density of cobalt coating.
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Figure 5. SEM images of Co-coated Al2O3 composite powders prepared by different Al2O3 load:
(a1–a3)1 g/150 mL, (b1–b3) 1.5 g/150 mL and (c1–c3) 2 g/150 mL.

Figure 6 shows the EDS results of Co-coated Al2O3 composite powders. It was found
that the main elements detected in the powders were O, Al and Co, which proved that
the flocculent coating of the composite powders was Co. The cobalt coating of Co-coated
Al2O3 particle with 1 g/150 mL Al2O3 load was completely detected. And the content of Co
decreased with the increase of Al2O3 load. The Co-coated Al2O3 particle with 2 g/150 mL
Al2O3 load even had a partially missing of cobalt coating, because its cobalt coating was
the loosest.
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3.2. LPBF-Processed Parts
3.2.1. Microstructural Morphology

Figure 7 shows the cross-section microstructure of four CoCrMo alloys fabricated by
LPBF. By observing the low magnification maps (Figure 7(a1–d1)), it was found that all
samples were dense and no obvious pores appeared. The number of Co-coated Al2O3
particles increased in CoCrMo alloys with the enhancement of Al2O3 load. As can be seen
from (Figure 7(a2–d2)), CoCrMo alloys exhibited a typical fish scale melting trajectory, and
the lamellar semi-ellipse observed in the figure was the boundary of the molten pool [40].
Such molten pool morphology is typical of the longitudinal section for LPBF-processed
parts [41]. All molten pools in the corresponding figure were measured and final molten
pool depth of the alloy was the average of these data. The results showed that the molten
pool depth of CCM, CCM@1Al2O3, CCM@1.5Al2O3 and CCM@2Al2O3 were 47.24 µm,
35.24 µm, 34.88 µm and 32.68 µm respectively. It was found that molten pool of the
CoCrMo alloys containing Co-coated Al2O3 particles was shallower than CCM. Because the
temperature exceeded 1500 ◦C during LPBF process [42]. The laser acted on the Al2O3 after
melting the cobalt coating when it scanned the Co-coated Al2O3 particles. However, the
absorptivity of Al2O3 is only 0.173 [43], which is far lower than that of CoCrMo [42]. The
formed powders containing the Co-coated Al2O3 particles got less energy inLPBF process,
so the molten pool depth of these CoCrMo alloys decreased.

Figure 7(a3–d3) presents the SEM images at higher magnification. It was found that
the LPBF-processed parts showed conventional columnar and equiaxial dendrites. The
metal-ceramic bonding interface was formed in CCM@1Al2O3, which may have a favorable
effect on the alloy. But no similar phenomenon was observed in CCM@1.5Al2O3 and
CCM@2Al2O3, there were defects around the Al2O3 particles. Because thicker Co-coating
of Al2O3 particles have helped particles wettability by the matrix alloy while when the Co
content (thinner coatings) was low, the Al2O3 particles could not form strong bond with
the matrix.
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(b1–b3) CCM@1Al2O3, (c1–c3) CCM@1.5Al2O3 and (d1–d3) CCM@2Al2O3.

3.2.2. Phase Analysis

Figure 8 depicts the XRD patterns of the LPBF-processed parts obtained over a wide
range of 2θ (40–100◦). The diffraction peaks of ε(hcp)CoCrMo and γ(fcc)CoCrMo were
identified clearly. However, the CoCrMo alloys containing Co-coated Al2O3 particles did
not show the diffraction peaks of Al2O3, as the amount of Co-coated Al2O3 particles was
only 1 wt.% in alloys. This phenomenon also occurred in other metal-matrix ceramic
composites [44]. By comparing the relative intensity of peaks, it was found that the γ
peaks strength of the CoCrMo alloys containing Co-coated Al2O3 particles were lower
than that of CCM. The reason was that the addition of Al2O3 reduced the cooling rate
of alloys [45]. The γ phase was stable at high temperatures, and the reduction of the
cooling rate was conducive to the conversion of γ phase to ε phase [46]. The cooling rate of
CCM@1Al2O3 was the fastest in three CoCrMo alloys containing Co-coated Al2O3 particles,
because the metal-ceramic bonding interface played an auxiliary role in the heat conduction
of Al2O3. And the other two alloys had relatively slow cooling rate, in which the heat
transfer of Al2O3 depended on dissipation. The cooling rate of CCM@2Al2O3 was faster
than that of CCM@1.5Al2O3, because the cobalt coating of Co-coated Al2O3 particles in
CCM@2Al2O3 had more pores to dissipate heat. Finally, the intensity of the γ diffraction
peaks of CCM@1.5Al2O3 was the weakest in them.
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3.2.3. Kernel Average Misorientation (KAM)

Figure 9 presents the KAM of longitudinal section for the LPBF-processed parts. The
results showed that all samples retained large strain due to the very high cooling rate
and repeated layer stacking during LPBF process. KAM analysis of the CoCrMo alloys
containing Co-coated Al2O3 particles showed lower residual stresses, higher concentration
of blue regions, than that of CCM, indicating that these samples had less stored energy [47].
Because they were formed at a relatively low cooling rate, more energy was consumed
during the cooling process. At the same time, the KAM could reflect the dislocation density
of alloys. And the KAM of CCM@1.5Al2O3 was the lowest by comparing the intensity of
the ribbon, revealing the lowest dislocation density in this sample.

3.2.4. Friction Performance

Figure 10 shows the wear tracks of the CoCrMo alloys. It was found that all samples
exhibited similar shape of the wear tracks. The maximum wear depth and wear volume
obtained in the test were analyzed statistically (Figure 11). The wear depth of CCM was the
largest among all samples, reaching 9.2665µm. The Co-coated Al2O3 particles significantly
reduced the wear depth of the CoCrMo alloys. The wear depth of the CoCrMo alloys
containing Co-coated Al2O3 particles decreased gradually with the increase of Al2O3 load.
The wear volume was another important parameter reflecting wear resistance of materials.
It was found that the wear volume showed a similar trend to the wear depth, and the
wear volume of CCM@1Al2O3 was only about 50% of CCM. These two groups of data
showed that the addition of Al2O3 substantially enhanced the wear resistance of CoCrMo
alloy fabricated by LPBF [21]. And CCM@2Al2O3 showed the most excellent friction
performance. Because the composite powder prepared using a large load contained a small
proportion of cobalt in Co-coated Al2O3 particles. The density of Co is about 2.5 times larger
than that of Al2O3, so the average density of Co-coated Al2O3 composite powder with a
large load was low. As 1 wt.% of composite powders were mixed with CoCrMo powders
for all samples, the number of Co-coated Al2O3 particles in CoCrMo alloys increased with
the enhancement of Al2O3 load.
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3.2.5. Mechanical Property

Figure 12 shows the microhardness measured on LPBF-processed parts. The mean
microhardness of CCM, CCM@1Al2O3, CCM@1.5Al2O3 and CCM@2Al2O3 were
358.5 ± 3.2 HV0.5, 379.9 ± 3.5 HV0.5, 373.1 ± 4.3 HV0.5 and 368.7 ± 3.7 HV0.5, respec-
tively. The high microhardness obtained at the CoCrMo alloys containing Co-coated Al2O3
particles indicated that the addition of Al2O3 ehanced the microhardness of CoCrMo alloys.
On the one hand, Al2O3 existed in the CoCrMo alloys as the second phase particles, which
had a dispersive strengthening effect on the alloys [48]. On the other hand, CoCrMo alloys
containing Co-coated Al2O3 particles had more ε phase, contributing to the increase in
microhardness [22]. The maximum mean microhardness was obtained at CCM@1Al2O3,
due to the metal-ceramic bonding interface making the diffusion strengthening effect more
significant. Although the XRD results showed that the content of ε phase in CCM@1Al2O3
was not the highest among all samples, the experiment indicated that the microhardness
enhancement effect brought by the metal-ceramic bonding interface was stronger than the
ε phase. However, the maximum average microhardness for the Al2O3 modified CoCr
alloys was only 338.8 HV in the study of Hong [49], because the introduced Al2O3 particles
were not treated by electroless plating.
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Figure 13 depicts the results of room-temperature tensile tests on the as-printed
samples. The ultimate tensile strength (UTS) was directly measured by the standard tensile
test, and the elongation was obtained by calculating the ratio of the displacement to the
gauge length of the tensile samples (Table 4). It was found that the UTS of CoCrMo alloys
containing Co-coated Al2O3 particles were lower than that of CCM, but all the values of
UTS were higher than 665 MPa required in ISO 5832-4-2014. The decrease in strength of
them was due to the relatively low dislocation density compared to CCM. It was well
known that a high dislocation density can slow down the movement of the dislocation,
which was beneficial to the strength. And the UTS of CCM@1.5Al2O3 was the minimum,
because it showed the lowest dislocation density. In addition, defects also influenced the
strength of composite materials [50]. The metal-ceramic bonding interface was formed in
CCM@1Al2O3, which made it no defects around Al2O3 and contributed to the strength
of the alloy. In terms of ductility, the increase of ε phase in CoCrMo alloys containing
Co-coated Al2O3 particles led to the decrease of elongation, because the HCP structure of ε
phase was not conducive to the crystal slip during the tensile process. The elongation of
CCM@1Al2O3 was close to that of CCM, indicating the ductility of it was excellent.

Although comprehensive analysis showed that CCM@1Al2O3 were excellent in UTS
and elongation, the values were still lower than that of CCM. Further researches were
needed to improve the tensile properties of the LPBF-processed Al2O3 modified CoCrMo alloys.

Table 4. Tensile properties of the LPBF-processed parts.

Samples UTS (MPa) Elongation (%)

CCM 1191.46 41.01
CCM@1Al2O3 1089.07 37.76

CCM@1.5Al2O3 1050.07 25.47
CCM@2Al2O3 1072.93 29.46
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4. Conclusions

To summarize, the effect of Co-coated Al2O3 composite powders prepared with differ-
ent Al2O3 load on the microstructure and properties of LPBF-processed Al2O3 reinforced
CoCrMo alloys were systematically investigated. According to SEM and EDS, the density
of cobalt coating for the Co-coated Al2O3 composite powders decreased with the increase
of the Al2O3 load in the electroless plating process. XRD patterns of LPBF-processed
parts showed that the CoCrMo alloys containing Co-coated Al2O3 particles had more
phase transitions from γ phase to ε phase. The ε phase was beneficial to microhardness
of CoCrMo alloys but reduced the elongation of them. The wear depth of CCM@2Al2O3
was only 2.18 µm and the wear volume of it was about 10% of CCM. The metal-ceramic
bonding interface was formed in CCM@1Al2O3, which helped it maintaining excellent
tensile properties.The mean microhardness of CCM@1Al2O3 reached 379.9 ± 3.5 HV0.5,
which was about 6% higher than CCM. However, more research is needed to optimize the
friction and tensile properties of CoCrMo alloy at the same time in the future.
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Abstract: TiC/graphene/Ti6Al4V composites were prepared by laser powder bed fusion using
graphene and Ti6Al4V powder. The differences in microstructure and high-temperature mechanical
properties between the Ti6Al4V alloy and the TiC/graphene/Ti6Al4V composite were studied. The
tensile and microhardness of the two materials were tested at 400 ◦C, 500 ◦C, and 600 ◦C; the results
of the TiC/graphene/Ti6Al4V composite were 126 MPa, 162 MPa, and 76 MPa and 70 HV, 59 HV,
and 61HV, respectively, higher than those of the Ti6Al4V alloy. These results happened because
graphene reacted with Ti to form TiC particles, which were homogeneously distributed amongst α’
acicular martensite. The addition of graphene refined the size of the acicular α’ martensite. At the
same time, the graphene and TiC particles showed a dispersion-strengthening effect. The mechanical
properties of the TiC/graphene/Ti6Al4V composite were improved by the combination of fine-grain
strengthening and dispersion strengthening mechanisms.

Keywords: laser powder bed fusion; graphene; high temperature; mechanical property

1. Introduction

Titanium alloy has the advantages of high specific and thermal strength, strong cor-
rosion resistance, and good process performance, and it has become an ideal engineering
structural material in aerospace, chemical, and other fields [1]. The Ti6Al4V alloy can
work at a temperature of 400 ◦C for a long time and is mainly used to manufacture fans,
compressor disks, and engine blades in the aviation industry [2]. However, with the devel-
opment of the new generation of aerospace technology, the high-temperature properties of
the Ti6Al4V alloy no longer meet the requirements, whereas titanium matrix composites
have become candidate materials for applications in high-speed aerospace vehicles and
new aeroengines [3,4]. Because ceramic particles have high hardness, high wear resistance,
and high-temperature performance, they are widely used to manufacture titanium matrix
composites, such as TiC [5], WC [6], and TiB [7]. In recent years, because of its unique
electrical, mechanical, and thermal properties, graphene has become an ideal reinforcement
material for preparing lightweight, high-strength, and high-performance metal matrix
composites [8]. For example, Guo et al. [9] developed the Ni-P@GNFs/Ti6Al4V composite.
The compressive strength of the composite reached 1133 MPa, an increase of 30.6% com-
pared to that of Ti6Al4V (867 MPa). Shang et al. [10] also used plasma sintering to prepare
multi-layer graphene and Ti6Al4V-based discontinuous reinforced composite that reached
a tensile strength of 1010 MPa [10].

Laser powder bed fusion (LPBF) is a powder bed melting additive manufacturing
(AM) technology that forms parts by layer-by-layer selective melting and layer-by-layer
superposition [10,11]. Based on the forming characteristics, LPBF technology can integrate
parts with complex structures, shorten the product development cycle, and improve the
utilization of materials [12,13]. In recent years, LPBF technology has been widely used in
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medical, dental, and especially aerospace fields [14], and the parts formed with porous
structures have reduced weight [15]. Although LPBF technology has many advantages,
there are still some defects such as pores and residual stress; hence, the quality of products
can be improved by adjusting the printing parameters to control such defects [16–18],
especially by combining large data acquisition and analysis with the printing process [19].
With the use of LPBF technology, graphene-reinforced metal matrix materials can signifi-
cantly improve the performance of composites. Zhao et al. [20] used an organic aluminum
reduction method to coat graphene with a nano aluminum layer and used LPBF technology
to prepare aluminum-coated graphene/AlSi10Mg alloy matrix composites and the nano-
scale Al4C3 precipitates generated in the composite. The tensile strength and hardness of
the composite increased by 11% and 40.8%, respectively. Wang et al. [21] used the LPBF
technology to prepare a graphene/Inconel 718 composite, and the tensile strength and
Young’s modulus of the composite reached 1511 MPa and 675 GPa, respectively [21].

Previous studies have used LPBF technology to enhance Ti6Al4V alloys with graphene,
which exhibits excellent mechanical properties at room temperature [22–24]. However,
the high-temperature mechanical properties of TiC/Ti6Al4V composites have rarely been
reported. In this study, the TiC/graphene/Ti6Al4V composites were prepared by the
LPBF method using Ti6Al4V alloy powder and graphene powder as raw materials. The
purpose of this study was to explore the differences between the microstructure and high-
temperature mechanical properties of the LPBF-formed Ti6Al4V alloy and the TiC/graphene/
Ti6Al4V composite to reveal the strengthening mechanism of the composite.

2. Materials and Methods

The raw material for preparing the composite materials was Ti6Al4V alloy powder
provided by Zhonghang Maite Powder Metallurgy Technology Co. Ltd. (Beijing, China).
The particle size distribution of the powder was D10 = 19.9 µm, D50 = 35.4 µm, D90 = 58
µm. The powder material composition, provided by the company, is shown in Table 1. Note
that 0.3-wt% graphene was added to the composite materials. The graphene powder was
provided by KENA Carbon New Materials Co. Ltd. (Lanzhou, China), and the graphene
morphology is shown in Figure 1a.

Table 1. Chemical composition of Ti6Al4V Powder.

Ti Al V Fe C N H O Si

bal 5.5~6.5 3.5~4.5 ≤0.25 ≤0.08 ≤0.03 ≤0.012 ≤0.1 <0.15
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A planetary ball mill (QM-3SP4 model) was adopted. The ball milling parameters
were as follows: the specific gravity between the weight of the ball and the weight of
the composite powder was 8:1; the ball milling time was 3 h; and the ball milling speed
was 240 rad/min. The mixed powder is shown in Figure 1 b. The metal 3D printing
equipment of Easy 3D EP-M150 was used, and the two materials used the same printing
process parameters. The process parameters used were as follows: laser power of 200 W,
scanning spacing of 0.12 mm, powder layer thickness of 0.03 mm, and scanning speed of
1200 mm/s; a checkerboard scanning strategy was adopted, and each layer was rotated by
67◦. The substrate was preheated to 120 ◦C. The sample forming building direction is shown
in Figure 2a.
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Figure 2. (a) Schematic of building direction; (b) tensile specimen.

An MH-300A electronic densitometer was used to measure the density of the sam-
ples. Five samples of each material were measured, and the average value ρs was taken.
The density value was calculated as ρs/ρn * 100. The ρn is the standard density of Ti-x
vol.% graphene, and the density of Ti6Al4V is 4.5g/cm3. The HGW-300G microcomputer-
controlled high-temperature material tensile testing machine was used to raise the temper-
ature of the sample to 400 ◦C, 500 ◦C, and 600 ◦C at a rate of 10 ◦C/s and to keep it stable
for 5 min. The tensile rate was set as 0.5 mm/min. The experiment was repeated three
times and the average value was used. The size of the tensile sample is shown in Figure 2b.
Thereafter, the ZD-HVZHT-30 high-temperature Vickers hardness tester was used to raise
the temperature of the sample to 400 ◦C, 500 ◦C, and 600 ◦C at a heating rate of 10 ◦C/s,
and to keep it stable for 5 min. A diamond indenter with a load of 4.904 N (500 g) was
used for 10 s. Five points were randomly selected on the polished sample surface for the
measurements, and the average values of these five measurements were considered.

Next, the standard polished parts were placed in a 5 mL HF, 25 mL HNO3, and
50 mL H2O corrosion solution for etching for 30–35 s. A field emission scanning electron
microscope (SEM; JSM-7900F, JEOL, Peabody, MA, USA) was used to observe the structure
of the sample with a working voltage set to 10.0 KV. The preparation of the TEM sample
was as follows: First, the sample was cut into 0.5 mm thick sheets with a wire cutting
machine, and the sheets were ground to 35~40 µm with 1000 # SiC water abrasive paper
thick. Then, the sheet was punched into a round shape with a diameter of 3 mm. Finally,
a Gatan-691 precision argon ion instrument was used for thinning. TEM samples were
characterized by field emission transmission electron microscopy (JEM-2100F) with an
acceleration voltage of 200kV.

3. Results and Discussion
3.1. Initial Microstructure

Figure 3 shows the microstructure of the Ti6Al4V alloy and graphene-reinforced
Ti6Al4V composite. A large amount of coarse α’ acicular martensite was observed. The α’
acicular martensite was refined, as shown in Figure 3. New nanoparticles were formed in
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the graphene-reinforced Ti6Al4V composite, as shown in Figure 3d. According to the EDS
analysis (Figure 3f), the granular precipitation was mainly composed of Ti and C elements,
and the atomic ratio was close to 1:1. Figure 3d shows the TEM micromorphology and
selected area electron diffraction (SAED) (Figure 3e) of TiC particles. Previous studies
have also verified the existence of graphene [25] and TiC (Figure 4 [26]). In general,
the reinforcing phases in the graphene-reinforced Ti6Al4V composite are graphene and
TiC particles.
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Figure 3. (a) SEM image of the longitudinal section of the Ti6Al4V alloy; (b) SEM images of the
graphene reinforced Ti6Al4V composite; (c) TEM morphology of the Ti6Al4V alloy; (d) TEM mor-
phology of the graphene reinforced Ti6Al4 V composite; (e) SAED figure of the selected area in (d);
(f) composition analysis at point 1.
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Figure 4. XRD patterns of the TiC/graphene/Ti6Al4V composite and Ti6Al4V alloy. Reprinted with
permission from Ref. [26]. 2023, Elsevier.

Figure 5 shows the micro morphologies of the Ti6Al4V alloy and composite at a
lower magnification under SEM, where no pores were observed, while a small number
of pores with a diameter of 5 µ m were observed in the composite. The density of the
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Ti6Al4V alloy was 99.2%, and that of the TiC/graphene/Ti6Al4V composite was 98.9%.
Therefore, the porosity of the formed composite material was more than that of the Ti6Al4V
alloy; however, a density above 98% had little influence on its mechanical properties [27].
Therefore, the influence of porosity on the formation of voids during tension is lower.
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Figure 5. SEM microtopography; (a) Ti6Al4V; (b) TiC/graphene/Ti6Al4V.

3.2. High-Temperature Performance

Figure 6 shows the engineering tensile strength of the LPBF-formed Ti6Al4V and
TiC/graphene/Ti6Al4V composite at 400 ◦C, 500 ◦C, and 600 ◦C. At 400 ◦C, the tensile
strengths of the Ti6Al4V alloy and composite were 880 MPa and 1006 MPa, respectively,
which was 126 MPa higher than that of the Ti6Al4V alloy. At 500 ◦C, the tensile strengths of
the Ti6Al4V alloy and composite were 806 MPa and 162 MPa higher than that of the Ti6Al4V
alloy, respectively. At 600 ◦C, the tensile strengths of the Ti6Al4V alloy and composite were
462 MPa and 76 MPa higher than that of the Ti6Al4V alloy, respectively.
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Figure 6. Tensile strength at different temperatures.

Figure 7 shows the fractographic morphology at the same temperature for both ma-
terials, with an increase in the dissociation surface area of the TiC/graphene/Ti6Al4V
composites at a fractographic morphology of 400 ◦C and the formation of fewer pores
during the drawing of the Ti6Al4V alloy. The area of the dissociation surface of both
materials fractioned at 500 ◦C decreased compared to that at 400 ◦C, but the number of
pores with a fracture morphology at 500 ◦C increased in the composite compared to that in
the Ti6Al4V alloy, while the size of the pores decreased. The fracture appearances of the two
materials differed greatly at 600 ◦C, and the pore size and number of Ti6Al4V alloy were
larger than that of the composite material because the softening behavior of the Ti6Al4V
alloy at 600 ◦C was increased as well as the number of holes in the fracture appearances of
the alloy. However, the composites contained reinforcement relative to the material; thus,
the size and number of holes in the composite were smaller than those in the Ti6Al4V alloy,
and the reinforcement phase effect was also reflected in the fracture morphology at 400 °C
and 500 ◦C.
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Figure 7. Fracture morphologies at different temperatures: (a,c,e) fracture morphologies of Ti6Al4V al-
loys at 400 ◦C, 500 ◦C, and 600 ◦C; (b,d,f) fracture morphologies of TiC/graphene/Ti6Al4V composite
at 400 ◦C, 500 ◦C, and 600 ◦C.

Further analysis of the fracture mechanism of materials at high temperatures was
carried out using micromorphology. The tensile fracture morphology of the Ti6Al4V alloy
at 400 ◦C is shown in Figure 8a, with an average size of statistical dimple of 4.5 µm. The
dimples, tear edges on the outside of the dimples, and a large step-like dissociation surface
indicate that the Ti6Al4V alloy underwent both a ductile fracture and a brittle fracture at
400 ◦C. The dimple size of the Ti6Al4V alloy in the fracture morphology at 500 ◦C was
counted, and the average dimple size was 4.2 µm; the dimple characteristics are similar
to those of the fracture at 400 ◦C. The fracture morphology of the high-resolution SEM at
600 ◦C is shown in Figure 8c,d. The morphology inside the hole is also a dimple, with an
average statistical dimple size of 0.6 µm.

The reason that the fracture morphology at 400 ◦C contained a large dissociation
surface was that the Ti6Al4V alloy is mainly composed of α phase, which has a hexagonal
structure, there are fewer slip systems in the phase, and the energy required for the
dislocation slip is higher. In the fracture morphology at 500 ◦C, the reason for the reduction
of the dissociation surface is mainly that the temperature increase provided more energy
for the slip system to start easier; therefore, the dissociation surface was reduced. The
formation of dimples is mainly due to the growth, aggregation, and fracture of micro-voids
generated inside the alloy during the deformation. The micro-cavities of most alloys are
formed at the second phase particles, while the Ti6Al4V alloy is a two-phase alloy, and the
content of the phase structure is very small; therefore, the micro-cavities of the Ti6Al4V
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alloy were mainly formed at the grain boundary [28]. With the increase in the tensile
temperature, the proportion of dimples in the fracture morphology increased significantly.
The reason for this is also that the energy of the externally supplied material increases
with increasing temperature, making the dislocation more prone to slip. Slipping at a large
number of dislocations accelerates the growth, aggregation, and fracture of the micro-voids,
resulting in a larger void size as shown in Figure 7, reducing the size of the dimples, and
decreasing the tensile strength of the Ti6Al4V alloy with increasing temperature.
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The fracture shape of the TiC/graphene/Ti6Al4V composite at 400 ◦C is shown in
Figure 9a. Large cracks and a large number of dissociation surfaces are visible. The
large cracks revealed a ‘u’ shape; at the same time, the sheet structure in the hole shown
in Figure 9b–e, enlarged sheet structure of Figure 9e, and EDS surface sweep elemental
analysis showed that the lamellar structure consisted of carbon elements as shown in
Figure 9f. Therefore, the lamellar structure is unreacted graphene. The fracture morphology
on both sides of the hole was different: one side was the dissociation surface, and the other
side was the dimple (the average size of statistical dimples is 1.1 µm), as shown in Figure 9b.
The fracture morphology of the TiC/graphene/Ti6Al4V composite at 500 ◦C shows a large
number of dimples (average size of 0.97 µm) and a small amount of dissociation surface,
while the dimple size of the TiC/graphene/Ti6Al4V composite is significantly reduced,
and the dissociation surface is smaller than that of the Ti6Al4V alloy. The same sheet
structure as that shown in Figure 9 existed in the holes, as shown in Figure 10c, and the
composite of the sheet structure was carbon, as confirmed by an EDS surface scanning
analysis. Therefore, this sheet structure was unreacted graphene in the composite. The
fracture morphology of the TiC/graphene/Ti6Al4V composite at 600 ◦C was also the same
as that of the Ti6Al4V alloy in Figure 10f, and the number and size of the pores were
much smaller than those of the Ti6Al4V alloy, evidenced by the statistical dimple size
average of 0.54 µm.
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By comparing the average dimple size of the Ti6Al4V alloy mentioned above, the
dimple size of the TiC/graphene/Ti6Al4V composite material is significantly smaller at the
same temperature. The decrease in dimple size is related to the grain refinement, which
improves the performance of the material and precipitation of the composite material. The
size of fracture dimples of both materials decreased gradually from 400–600 ◦C because the
dislocation slip accelerates with the increase in temperature, and the growth, aggregation,
and fracture speed of micro-voids increases, which leads to the decrease in dimple size and
performance with the increase in temperature.

Graphene can be retained during LPBF by repeated rapid material melting and curing
cycles. In addition, when a dislocation slip occurs, graphene prevents the dislocation slip
and enhances the properties of the composite [29]. It was inferred from the above that the
micro-cavities of the Ti6Al4V alloy were easy to form at the grain boundary and second
phase particles. Therefore, the formation of voids with graphene also proves that, during
the deformation, the micro-voids are easy to form together by precipitation and break with
the growth and aggregation of micro-voids, as shown in Figures 9 and 10. The TiC in the
TiC/graphene/Ti6Al4V composites was produced by an in situ reaction of graphene and Ti,
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as shown in Figure 3. The TiC particles enhanced the properties of the composite through
the Orowan strengthening mechanism [30]. At the same time, nano-scale TiC particles
were distributed in the composite matrix, which played a role in passivating the crack tip,
delaying the crack growth [31], and enhancing the tensile properties of the composite. Thus,
both the TiC particles and the graphene in the TiC/graphene/Ti6Al4V composite improved
the tensile strength of the composite, making the tensile strength of the composite higher
than that of the Ti6Al4V alloy at 400 ◦C, 500 ◦C, and 600 ◦C.
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EDS surface of (c); (e,f) fracture morphology at 600 ◦C.

The microhardness of the Ti6Al4V alloy and TiC/graphene/Ti6Al4V composite formed
by LPBF at room temperature and high temperatures is shown in Figure 11. The hard-
ness of the two materials decreased step by step at high temperatures. The microhard-
ness of the Ti6Al4V alloy at room temperature was 336 HV, and that formed by electron
beam was 340 HV [32], whereas the microhardness of the TiC/graphene/Ti6Al4V com-
posite was 419 HV, which was 83 HV higher than the LPBF-formed Ti6Al4V alloy and
79 HV higher than the Ti6Al4V alloy formed by the electron beam. The micro-hardness
of the TiC/graphene/Ti6Al4V composite at 400 ◦C, 500 ◦C, and 600 ◦C was 70 HV,
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59 HV, and 61 HV higher than that of the TiC/graphene/Ti6Al4V composite, respec-
tively. The microhardness of the TiC/graphene/Ti6Al4V composite at 600 ◦C was higher
than that of the Ti6Al4V alloy at 400 ◦C, indicating that the working temperature of the
TiC/graphene/Ti6Al4V composite could be higher than that of the Ti6Al4V alloy. The
hardness of the TiC/graphene/Ti6Al4V composite could be improved by the grain size
refinement of the composite and dispersion strengthening mechanism of the TiC particles
and graphene.
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4. Conclusions

In this study, the microstructure and high-temperature mechanical properties of
Ti6Al4V and TiC/graphene/Ti6Al4V composites formed using LPBF were investigated
and compared. The following conclusions were obtained:

(1) During the LPBF, graphene reacted with Ti in situ to form TiC particles, which
were homogeneously distributed between α’ acicular martensite; the addition of graphene
refined the size of acicular α’ martensite. At the same time, the graphene and the TiC
particles played the role of dispersion strengthening, and the mechanical properties of the
TiC/graphene/Ti6Al4V composite were improved by the combination of the fine-grain
strengthening mechanism and the dispersion strengthening mechanism.

(2) The density of the Ti6Al4V alloy was 99.2% and that of the TiC/graphene/Ti6Al4V
composite was 98.9%. However, a density above 98% has little influence on its mechanical
properties [27].

(3) The high-temperature tensile strength of the TiC/graphene/Ti6Al4V composite
sample was 126 MPa, 162 MPa, and 76 MPa higher than that of the Ti6Al4V material sample
at 400 ◦C, 500 ◦C, and 600 ◦C, respectively.

(4) The addition of graphene refined the needle shape α’ martensite size, while the
average dimple size of the composite at the same temperature was smaller than that of the
Ti6Al4V alloy. Graphene can be retained during LPBF by repeated rapid material melting
and curing cycles, with microscopic voids formed during high-temperature tension.

(5) The microhardness of the TiC/graphene/Ti6Al4V composite at room temperature,
400 ◦C, 500 ◦C, and 600 ◦C was 82 HV, 70 HV, 59 HV, and 61 HV higher than that of the
Ti6Al4V alloy, respectively.

Author Contributions: Conceptualization, Z.Z. and S.C.; methodology, S.C.; software, S.C.; vali-
dation, Z.Z., P.B. and W.D.; writing—original draft preparation, S.C.; writing—review and editing,
Z.Z., P.B. and W.D.; supervision, Z.Z. All authors have read and agreed to the published version of
the manuscript.

Funding: The authors would like to thank the National Natural Science Foundation of China (51775521,
U22A20192), the Key Research and Development Project of Shanxi Province (201903D121009), Scientific
and Technological Innovation Programs of Higher Education Institutions in Shanxi, Equipment
Pre-research Field Fund, China (No.61400040208).

48



Metals 2023, 13, 163

Data Availability Statement: The data presented in this study are presented in Figures and tables in
this article.

Conflicts of Interest: The authors declare no conflict of interest.

References
1. Zhao, Z.; Zhang, L.; Bai, P.; Du, W.; Wang, S.; Xu, X.; Dong, Q.; Li, Y.; Han, B. Tribological Behavior of In Situ

TiC/Graphene/Graphite/Ti6Al4V Matrix Composite Through Laser Cladding. Acta Metall. Sin. Engl. Lett. 2021,
34, 1317–1330. [CrossRef]

2. Christoph Leyens, M.P. Titanium and Titanium Alloys: Fundamentals and Applications; Chemical Industry Press: Beijing, China, 2003.
3. Zhou, Z.; Liu, Y.; Liu, X.; Zhan, Q.; Wang, K. Microstructure evolution and mechanical properties of in-situ Ti6Al4V–TiB

composites manufactured by selective laser melting. Compos. Part B Eng. 2021, 207, 108567. [CrossRef]
4. Zhao, Z.; Bai, P.; Du, W.; Liu, B.; Pan, D.; Das, R.; Liu, C.; Guo, Z. An overview of graphene and its derivatives reinforced metal

matrix composites: Preparation, properties and applications. Carbon 2020, 170, 302–326. [CrossRef]
5. Yu, C.; Liu, X.; Li, Y.; Song, C.; Ma, G.; Niu, F.; Wu, D. Investigations of the microstructure and performance of TiCp/Ti6Al4V

composites prepared by directed laser deposition. Int. J. Mech. Sci. 2021, 205, 106595. [CrossRef]
6. Liang, X.; Liu, Z.; Wang, B. Physic-chemical analysis for high-temperature tribology of WC-6Co against Ti–6Al–4V by pin-on-disc

method. Tribol. Int. 2020, 146, 106242. [CrossRef]
7. Zhang, W.; Wang, M.; Chen, W.; Feng, Y.; Yu, Y. Preparation of TiBw/Ti–6Al–4V composite with an inhomogeneous reinforced

structure by a canned hot extrusion process. J. Alloys Compd. 2016, 669, 79–90. [CrossRef]
8. Yang, M.; Liu, Y.; Fan, T.; Zhang, D. Metal-graphene interfaces in epitaxial and bulk systems: A review. Prog. Mater. Sci. 2020,

110, 100652. [CrossRef]
9. Guo, Y.; Yu, K.; Niu, J.; Sun, M.; Dai, G.; Sun, Z.; Chang, H. Effect of reinforcement content on microstructures and mechanical

properties of graphene nanoflakes-reinforced titanium alloy matrix composites. J. Mater. Res. Technol. 2021, 15, 6871–6882.
[CrossRef]

10. Waqar, S.; Sun, Q.; Liu, J.; Guo, K.; Sun, J. Numerical investigation of thermal behavior and melt pool morphology in multi-track
multi-layer selective laser melting of the 316L steel. Int. J. Adv. Manuf. Technol. 2020, 112, 879–895. [CrossRef]

11. Waqar, S.; Guo, K.; Sun, J. FEM analysis of thermal and residual stress profile in selective laser melting of 316L stainless steel.
J. Manuf. Process. 2021, 66, 81–100. [CrossRef]

12. Ahmed Obeidi, M.; Uí Mhurchadha, S.M.; Raghavendra, R.; Conway, A.; Souto, C.; Tormey, D.; Ahad, I.U.; Brabazon, D.
Comparison of the porosity and mechanical performance of 316L stainless steel manufactured on different laser powder bed
fusion metal additive manufacturing machines. J. Mater. Res. Technol. 2021, 13, 2361–2374. [CrossRef]

13. Korkmaz, M.E.; Waqar, S.; Garcia-Collado, A.; Gupta, M.K.; Krolczyk, G.M. A technical overview of metallic parts in hybrid
additive manufacturing industry. J. Mater. Res. Technol. 2022, 18, 384–395. [CrossRef]
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Abstract: In-situ alloying is a facile method for exploring high-performance metallic materials for
additive manufacturing. However, composition inhomogeneity is inevitable, and it is a double-
edged sword for the properties of in-situ alloyed parts. Appropriately controlling the composition
inhomogeneity benefits the applications of in-situ alloying in specific microstructural and properties
design. In this work, the Al20Cu alloy was selected as the benchmark alloy to investigate the
tailoring of composition inhomogeneity. The morphology and area percentage of composition
inhomogeneity in the as-built samples were firstly analyzed. These results provided evidence for
the formation of composition inhomogeneity and indicate that its content is tightly dependent on
processing parameters. The characteristics of the molten pool under various processing parameters
were investigated by modeling the laser remelting process. Based on these, a processing map
was established to guide the tailoring of composition inhomogeneity. This study expands the
understanding of the formation mechanism of composition inhomogeneity in in-situ alloyed parts
and sheds light on employing laser powder bed fusion in-situ alloying for new materials development.

Keywords: in-situ alloying; composition inhomogeneity; computer simulation; processing map

1. Introduction

Laser powder bed fusion (LPBF) in-situ alloying is a cutting-edge technology, which
realizes in-situ alloying of a certain proportion of different alloys or elemental powders by
laser during the printing process, providing a simple method for optimizing the microstruc-
ture and composition characteristics of components [1]. Modification of alloy composition
by in-situ alloying has been widely applied in LPBF [2–7]. However, chemical composition
inhomogeneity due to inadequate in-situ alloying has been commonly observed. Gener-
ally, the composition inhomogeneity shows a negative impact on the quality of printed
parts [5,7–9]. For instance, Lin et al. [6] reported that Si inhomogeneities decreased the
ductility of Si-containing FeCoCrNi fabricated by in-situ alloying. However, with proper
control, composition inhomogeneity can be utilized to ameliorate the performance of the
components [10–13]. T. Zhang et al. [10] found that the strength and toughness of the
alloy can be improved synchronously by reasonably utilizing the composition inhomo-
geneity. Therefore, reasonable control of composition inhomogeneity is a key challenge in
manufacturing reliable parts by in-situ alloying.

Composition inhomogeneity is produced through inadequate homogenization of
different melt in the molten pool during LPBF in-situ alloying [10,14] in which the melt
has undergone an intense mixing process due to Marangoni fluid flow [15]. Although
Marangoni fluid flow tends to homogenize the melt in the molten pool, the chaotic mix-
ing traces are preserved due to the small size and rapid cooling of the molten pool of
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LPBF [14,16]. Thus, the morphology that arises after the laser melting can be observed in
various in-situ alloyed alloys [6,10,17]. Considering the shape and melt flow of the molten
pool are tightly connected with the processing parameters of LPBF [18], it is, therefore,
a direct way to control the intermixing process by adjusting processing parameters. In
the past a few years, considerable research has proved that composition inhomogeneity
is alleviated by increasing laser energy input [17,19,20]. However, to our knowledge, no
attempt has been made to define a function for processing parameters to characterize the
mixing capacity of the corresponding molten pool, which is important for controlling the
composition inhomogeneity. Thus, more basic investigations would be advisable.

Recently, increased attention has focused on Al–Cu alloys due to their high strength,
corrosion resistance, and low density [21–23]. Meanwhile, the composition inhomogeneity
of Al-Cu binary alloys with high copper content can be distinguished by both the distinct
change in microstructure and the difference in contrast via backscattered electron (BSE)
imaging [19,24]. Therefore, the Al20Cu alloy was selected as the benchmark alloy of the
current research, and the mechanism of controlling the composition inhomogeneity via ad-
justing processing parameters during in-situ alloying was intensely studied experimentally
and numerically. The LPBF processing parameters were well designed to avoid the chaotic
keyhole, because the chaotic keyhole mode molten pool results in the generation of exces-
sive porosity [18], which damages the performance of the component. The relationship
between melt flow behavior and processing parameters was investigated by modeling the
laser molten pool under various processing parameters. Based on this, a processing map
was established to guide the drafting of processing parameters in in-situ alloying.

2. Materials and Methods
2.1. Sample Preparation and Microstructural Characterization

The gas-atomized commercial pure Al (99.9%) powder and pure Cu (99.9%) were
overall spherical with a powder size distribution range of 15–53 µm. The 80 wt.% of pure
Al powder and 20 wt.% of pure Cu powder were weighed and mixed with 180 g agate
ball by WAB Turbula mixer (WAB, Moutonz, Switzerland) for 8 h for homogenization. The
blended powder was measured by energy dispersive spectroscopy (EDS, Zeiss, Oberkochen,
Germany) mapping and showed a uniform distribution, as shown in Figure 1a. The size of
blended powder was also measured by Matersizer 300+ EV (Malvern Panalytical, Shanghai,
China), as shown in Figure 1b.

The experimental samples were printed by EOS 290 equipment (EOS GmbH, Munich,
Germany), which is equipped with a spot diameter of 70 µm laser. The power and scanning
rate of the laser is the most important processing parameters for the molten pool formation,
therefore, in the current work, only these two parameters were studied. The processing
parameters used in the current study are listed in Table 1. The processing parameters
design refers to the research [23,25] on processing parameters of LPBF aluminum alloy;
higher scanning speed was used at high laser power and lower scanning speed at low
laser power to avoid the chaotic keyhole and lack-of-fusion pores. The layer thickness and
the hatch space should be as small as possible to facilitate the powder melting. The layer
thickness was set as 30 µm, slightly larger than the powder average size of 22 µm, and the
hatch space was set as 70 µm, equal to the size of the laser spot. A standard alternating
x/y-raster scan strategy was used to build the samples, as shown in Figure 1c. The entire
printing process was conducted in an inert argon atmosphere.
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Table 1. Processing parameters used in the sample printing experiment.

Power (W) Scanning Rate (m/s) Hatch Distance (µm) Layer Thickness (µm)

160 0.08 70 30
190 0.15, 0.2, 0.25 70 30
220 0.8, 1.0, 1.2 70 30
250 0.8, 1.2, 1.6 70 30
300 1.2, 1.8 70 30

The specimens were ground and polished to a mirror finish by the conventional metal-
lographic preparation method. Microstructure characterization was conducted on Zeiss
Merlin field emission scanning electron microscope (SEM, Zeiss, Oberkochen, Germany)
equipped with an energy dispersive spectroscopy (EDS). All characterizations of printed
samples were performed on the XY plane (perpendicular to the building direction), which
better shows the melting of the powder layer.

2.2. Laser Molten Pool Modeling

Previous studies on LPBF molten pool have revealed that the melt flow and shape of
the molten pool is dominated by the Marangoni effect and metal vaporization [26,27]. This
study focuses on comparing the effect of processing parameters on the characteristics of
the molten pool, such as melt flow and shape of the molten pool. Therefore, the Marangoni
effect and metal vaporization are weighed and the powder kinetics are ignored in this
model. The LPBF process is simplified as laser remelting of Al20Cu alloy. Figure 2 shows
the schematic of computational domain. Only half of the workpiece was taken into account
to save computing resources. A movable laser is scanning in the +x direction to melt the
metal, and this process is conducted in an argon atmosphere. The interactions of laser
and metal, such as melting, solidification, metal evaporation, and Marangoni effect, were
included in this model. The melt in the molten pool is treated as incompressible Newtonian
laminar flow. This simulation was implemented in the commercial software FLUENT (18.0,
ANSYS, Beijing, China). Based on these simplifications, the molten pool characteristics
over the shifts in processing parameters were obtained quickly.
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The governing conservation equations of mass, momentum, and energy concentration
is formulated as follows [27–29]:
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u , ρ, cp, µ, and k are the fluid velocity, density, specific heat, viscosity, and thermal

conductivity, respectively. ρ
→
g is the gravitational volume force. The source terms (in bold)

were added by coupling with the user-defined functions (UDF), which will be described in
detail below.

The gas–liquid interface is captured by the volume-of-fluid (VOF) method and the
reactions on the free surface were written as volumetric with a continuum surface force
(CSF) method [30].

∂F
∂t

+∇·(F
→
u ) = 0, (4)

where F is the volume fraction of gas or metal.
The important reactions in the metal/gas surface are the laser heat flux and metal

evaporation in this process. The laser heat flux Ql input at the metal/gas interface is
assumed as a Gaussian laser beam, which can be described as [31]:

Ql =
2P·ηl

πr2
b
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

−2
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(x−V·t)2 + y2

)

r2
b


·|∇F|

2ρsu f ·cPsu f

ρmcPm + ρgcPg
, (5)

where P is laser power, V is laser scanning rate, rb is the effective laser beam radius, x and
y are the distance to the laser beam’s center in x and y directions, ηl is laser absorptivity.
|∇F| is the absolute value of the gradient of metal phase volume fraction. The specific heat
capacity and density of metal, gas, and surface are indicated by cP and ρ with subscript m,
g, and suf, respectively.

The reaction of metal evaporation is included in this model. The vapor recoil pressure
Pvap and vapor heat loss Qvap can be formulated as [27–29]:

Pvap = 0.54Paexp
(

M·Levp

KB

(
T − Tevp

T·Tevp

))
·|∇F|

2ρsu f

ρm + ρg
, (6)
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2πRM·T
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T·Tevp

))
·|∇F|

2ρsu f ·cPsu f

ρmcPm + ρgcPg
, (7)

54



Metals 2023, 13, 97

where Levp, Tevp, Pa, R, M, and KB are evaporation latent heat, evaporation temperature,
ambient pressure, gas constant, molecular weight, and Boltzmann constant, respectively.

For the non-isothermal free surface, the moment source term ps caused by surface
tension pressure and the Marangoni shear stress was formulated by [28]:

ps = (γκ·n−∇sT
dγ

dT
)·|∇F|

2ρsu f

ρm + ρg
, (8)

where κ is the curvature of a free surface, γ is the surface tension, and n is the normal unit
vector. dγ

dT represent the temperature coefficient of surface tension.
The corresponding boundary condition for heat loss Qcon of convection and radiation

at the free surface was written as [31]:

Qcon = −(hc(T − T0) + σε(T4 − T4
0 ))·|∇F|

2ρsu f ·cPsu f

ρmcPm + ρgcPg
, (9)

where hc is the coefficient of convection heat transfer, σ is Stefan-Boltzmann constant, and ε
is the radiant emissivity.

The solid–liquid phase change of metal is considered by set a pseudo solidification
interface, which is identified by temperature. The liquid fraction fL is defined as follows [32]:

fL =





0, T < TS
T−TS
TL−TS

, TS ≤ T ≤ TL

1, TL < T
, (10)

where TS is the solidus temperature and TL is the liquidus temperature. Enthalpy-porosity
method is used to model the melting and solidification process [32]. The melt velocity is
damped when going through the mush zone, and it vanished in the solid. The damping
force FSL when fluid goes through the mush zone and the latent heat release or absorb
during metal melting or solidification can be expressed as follows:

FSL = Amush
(− fL)

2
(

f 3
L + 0.001

) ·→u , (11)

QSL = −
[

∂ρ∆L f

∂t
+∇·

(
ρ
→
u ∆L f

)]
, (12)

where ∆L f is the latent heat of solid-liquid phase change. The parameter Amush is the
mushy zone constant, which is set to 1 × 1010 in this model.

The mesh cell size is 4 µm and time step is 10−6 s. The second-order upwind method
was used for the spatial discretization of energy and momentum. The pressure implicit
with splitting of operators (PISO) algorithm was applied for the velocity-pressure coupling.
The thermophysical properties of Al20Cu alloy were calculated by Thermo-calc software
and listed in Table 2.

Table 2. Thermophysical properties of the material used in this simulation [33].

Property Al20Cu

Solid density ρs (kg m−3) 3140
Liquid density ρl (kg m−3) 2510
Solidus temperature TS (K) 821.16

Liquidus temperature TL (K) 875.7
Solid specific heat cp (J kg−1 K−1) 850

Liquid specific heat cp (J kg−1 K−1) 1010
Solid thermal conductivity k (W m−1 K−1) 135.4

Liquid thermal conductivity k (W m−1 K−1) 100
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Table 2. Cont.

Property Al20Cu

Heat transfer coefficient hc (W m−2 K−1) 100
Radiant emissivity ε 0.2

Temperature coefficient of surface tension dγ/dT (N m−1 K−1) −0.00035
Latent heat of fusion Lf (J kg−1) 3.87 × 105

Latent heat of evaporation Levp (J kg−1) 9.46 × 106

Vaporization temperature Tevp (K) 2792.15

3. Results and Discussion
3.1. Composition Inhomogeneity of Al20Cu Alloy

Figure 3a shows the composition inhomogeneity morphology of the Al20Cu samples
in-situ alloyed at different processing parameters. Figure 3b shows the elements distributed
on the dark and bright regions of the BSE micrograph that commonly existed in most of the
samples. By comparing the results of the BSE micrograph with the EDS mapping result, the
bright area, dark area, and grey area in the BSE micrograph can be distinguished as Cu-rich
zone, Cu-poor zone, and sufficient alloyed zone, respectively. It can be clearly observed that
the morphology of the composition inhomogeneity within all samples resembled the melt
flow morphology, which is an obvious morphology that arose after the laser melting [14].
This morphology is consistent with previous studies on in-situ alloying of Al-based, Ti-
based, and high-entropy alloys [2,5,6,10,17]. The composition inhomogeneity regions are
reduced with the increase of laser power (marked with the blue dash box in Figure 3a) or
the decrease of scanning rate (marked with the red dash box in Figure 3a). A significant
reduction in composition inhomogeneity was observed at the hyper-low scanning speed
(marked with the black box in Figure 3a).
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To quantify the extent of alloying, the area percentages of the composition inhomo-
geneity region in each sample were measured. An example of the measurement process of
the composition inhomogeneity region is shown in Figure 4a. Three low magnitudes BSE
micrographs in random positions were captured for each sample in the cross-section. The
Cu-poor zone and Cu-rich zone in the BSE micrograph are selected by thresholding and
quantified by ImageJ software after noise reduction and binarization. The area percentage
of the composition inhomogeneity region is defined as the sum of the Cu-poor zone and
Cu-rich zone. The normalized enthalpy ∆H/hs, a most commonly used form, was used to
evaluate the laser energy absorbed by a material in each process parameter [34–36]. This
number is formulated as follows [35]:

∆H
hs

=
ηl P

ρhs

√
πα·r3

b ·V
, (13)

where hs, ηl , P, V, α, and rb are the enthalpy of fusion, laser absorptivity, laser power, laser
scanning rate, thermal diffusion coefficient, and laser beam radius, respectively.
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Figure 4. Quantitative characterization of composition inhomogeneity defects within the samples
printed by different energy input: (a) schematic of measurement process, (b) statistical results.

The statistical results show that the area ratio of the composition inhomogeneity region
within the sample is closely related to the absorbed laser energy, as shown in Figure 4b. As
∆H/hs increased, the area percentage of the composition inhomogeneity region decreases
rapidly from 31.3% to 10% and then slowly declined to 5.2%. These results indicated
that the composition inhomogeneity can be tailored by adjusting the laser power and
scanning rate.

Figure 5 shows the representative microstructure of in-situ alloyed Al20Cu alloy. The
fully alloyed Al20Cu alloy exhibits nano-sized cellular α-Al, which is decorated with a
bright Al2Cu phase in the core of the molten pool, while the micro-sized cellular is dispersed
along the molten pool boundary (Figure 5b). This featured microstructure is attributed
to the rapid cooling of the molten pool [37]. The obvious solidification microstructures
were detected in both the Cu-poor zone (Figure 5c) and the Cu-rich zone (Figure 5d) in
which granular Al2Cu and obvious copper dendrites can be, respectively, observed. The
composition fluctuations in both regions were analyzed by EDS line analysis (Figure 5c,d).
In the Cu-rich zone, the content of copper element steadily rises in the diffusion layer,
showing a large fluctuation amplitude but a small fluctuation frequency of composition as
a whole. On the contrary, the fluctuation amplitude of composition in the Cu-poor zone is
small, while the fluctuation frequency remains high. Beyond the insufficient alloyed zone,
the mass percentage of Cu and Al concentration is close to the designed concentration.
The violent fluctuation of element content indicates that aluminum and copper elements
undergo a violent mixing process in the molten pool. Yet, the extremely high cooling rate
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of the molten pool preserved this morphology features [10], which also indicates that the
life period of the molten pool is important for the formation of composition inhomogeneity.
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Figure 5. The microstructure of the cross-plane of an as-printed Al20Cu sample: (a) a representative
SEM micrograph and an enlarged detail of (b) fully alloyed zone, (c) Cu-poor zone, and (d) Cu-rich
zone. The EDS line analysis performed across the Cu-poor zone and Cu-rich zone is placed at the
bottom of (c,d).

The above results verify that morphology of composition inhomogeneity is tightly
related to the processing parameters. In addition, the present results also indicate the
characteristics of the molten pool, such as the melt flow and life period of the molten
pool, which is critical in controlling the composition inhomogeneity of the LPBF in-situ
alloyed components.

3.2. Characteristics of the Molten Pool under Various Processing Parameters

In the present work, the complicated LPBF process was reduced to a laser re-melting
process. Based on this, the trend of molten pool characteristics over the shifts in processing
parameters can be obtained quickly. The temperature and velocity field of molten pools in
various processing parameters are shown in Figure 6. In all of these molten pools, the high-
temperature melt at the gas-metal interface was derived to the low-temperature region,
which is a typical Marangoni flow pattern. However, the shape and size of the molten pool
changed significantly with the variation of processing parameters. A significant reduction
in the size of the molten pool was observed with the increase of scanning rate (marked with
the red dash box in Figure 6) or the decrease of laser power (marked with the blue dash
box in Figure 6). The shape of molten pool changes from long and elliptical to roundness,
when a hyper-low scanning rate is used.
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The Peclet number Pe, which is the ratio of diffusion rate driven by concentration
gradient to convection rate, is used to describe the relative importance of convection
and diffusion.

Pe =
uL
D

, (14)

where u is the characteristic velocity, L is the characteristic length, and D is the diffusion
rate of Cu in the Al matrix (3 × 10−9 m2/s). The most commonly used form to measure
the characteristic length of molten pool in literature is the apparent radius or depth of
the molten pool [15,38,39]. However, the molten pool shows a complex geometry shape
(Figure 6), in consequence, the geometric characteristics of the molten pool cannot be
described basically by the apparent radius or depth of the molten pool. In this work,
the molten pool was regarded as a rectangular flow channel with varying cross-sections,
and the characteristic length of each cross-section is calculated by hydraulic diameter, as
illustrated in Figure 7. The characteristic length L can be calculated as follows:

L =
4A
Cw

=
2hd

h + d
, (15)

where A is the cross-section area of the channel, Cw is the wetting perimeter of the flow
channel; h and d are the height and width of the channel, respectively. For each molten
pool, six sections are intercepted at equal distances (Figure 7) and the Pe in each plane was
calculated. In the present work, the diffusion rate of elements is set to a constant in the Pe
numbers calculation. Therefore, the Pe numbers also reflect the convection strength within
the molten pool.

Figure 8 shows the characteristic of the molten pool under various processing param-
eters. As shown in Figure 8a, the Pe number increased rapidly from 8560 to 13,700 and
then fluctuated at approximately 13,700 with the increase of normalized enthalpy. It should
be noted that the Pe number is increased with the increase of the laser power (red ball) or
the decrease of the scanning rate (green star) when the normalized enthalpy is lower than
22.5 but does not further improve with the decrease of scanning rate (blue star) when the
normalized enthalpy is higher than 22.5. This result indicates that the convection strength
cannot be increased unlimitedly by increasing the laser power and decreasing the scanning
rate. In addition, the Pe is in the order of 103, so the mass transfer process within the molten
pool was dominated by convection. This result coincides with the experiment that the
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morphology of the composition inhomogeneity region resembled the convective motion of
the melt flow (Figure 3a). Figure 8b,c plot the characteristic length of the molten pool vs.
the normalized enthalpy. The average characteristic length is calculated from the average
of six channels under each process parameter, and the life period of the molten pool (tli f e) is
the time for the metal to maintain the molten state. Unlike the trends from data in Figure 8a,
the life period and dimension of the molten pool is monotonically increasing with the
increase of normalized enthalpy, even under the processing parameters of a highly low
scanning rate (blue star).
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The above results reveal that the convection strength, time, and dimension of the
molten pool are closely related to the normalized enthalpy. Once the normalized enthalpy
exceeded a threshold value of 22.5, the convection within the molten pool reaches the peak
of intensity in present Al20Cu alloy. As the normalized enthalpy further increases, although
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the convection strength does not increase, the size of the melt pool and its life period
continue to increase, which means that the heterogeneous melts have more time and more
space to mix under these conditions. Therefore, further increase of normalized enthalpy can
still help to mix the heterogeneous melts. The experiment results present in Figure 3a also
show the lower composition inhomogeneity of in-situ alloyed Al20Cu fabricated by the
processing parameters with normalized enthalpy exceeding 22.5. Although the complex
physical phenomena of in-situ alloying have not been fully revealed, the basic trends of
the effect of the adjustment of processing parameters on the pool characteristics can be
obtained from the simulation results. As the current work focuses on the influences of
processing parameters, a more elaborate simulation will be done in the future.

3.3. The Processing Map for Controlling the Composition Inhomogeneity

The above experimental results have proved the feasibility of tailoring the composition
inhomogeneity by adjusting processing parameters (Figure 3). The influence of process
parameter adjustment on the factors, which dominate the intermix of heterogeneous melt
has been revealed by molten pool simulation (Section 3.2). Here, we shall attempt to
summarize a parameter from the simulation results to characterize the mixing ability of the
processing parameters to the heterogeneous melts.

The simulation results in Figure 6 show that the melt within the molten pool is a
circulating flow. This suggests that the time required for the melt to move around the
molten pool (tcy) can be defined as the quotient of molten pool size and melt flow velocity.
The molten pool size and melt flow velocity are characterized by the characteristic length
L and the characteristic velocity u, respectively, then the parameter tcy is formulated as
tcy = L/u. It should be noted that this parameter reflects the flow characteristics of the melt
in space but does not include the time characteristic. To account for this, a non-dimensional
number we called convective stirring number (CSN) is defined as the quotient of the life
period of the molten pool (tli f e) and the time required for the melt to move around the
molten pool (tcy), which is expressed as follows:

CSN = tli f e·u/L, (16)

Figure 9 plots the variations of convective stirring number with the normalized en-
thalpy. The convective stirring number is increased with the increase of the laser power (red
ball) or the decrease of the scanning rate (green star and blue star), which coincides with
the experimental results in Figure 3a. This trend is also consistent with previous studies on
the in-situ alloyed Al alloy and high entropy alloy [17,19].
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In addition, the data in Figure 9 shows that the number of convective stirrings has a
good linear fit with the energy input with a R2 = 0.96. Therefore, the following function
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can be used to determine the relationship between the convective stirring number and
laser parameters:

CSN = k· ηP
ρhs
√

παr3·rb
+ m, (17)

where k = 0.87 and m = 7.1 are the slope and intercept of the function obtained by linearly
fitting the data in Figure 9, respectively. The processing map of CSN is shown in Figure 10.
The micrograph of the samples was used to verify the accuracy of the model, which is
placed around the processing map. Obviously, the composition inhomogeneity within the
sample decreases significantly with increasing convective stirring numbers, which verifies
the reliability of the processing map. The processing map in Figure 10a provides that a
relatively high CSN can be obtained at the combination of a high laser power and a low
scanning rate. However, the excessive input of laser energy will cause a keyhole, which
results in the generation of excessive porosity [18], so the low scanning rate should be
matched with lower laser power to avoid the chaotic keyhole [23,25].
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Figure 10. Processing map and experiment results of in-situ alloyed Al20Cu: (a) processing map
shows the convection stirring number as a function of laser power and scanning rate. (b) BSE
micrograph of the samples printed at various scanning rates and laser powers.

In addition to adjusting the processing parameters, remelting is a more direct method
to increase the convective stirring number. The convective stirring numbers are doubled
for each remelting with the same laser parameters. Figure 11 shows the BSE micrograph
of samples fabricated by adjusting processing parameters and remelting. The parameters
190 W-0.15 m/s and 220 W-1.3 m/s, with CSN equal to 19.9 and 3.5, respectively, were
chosen as a benchmark for sample printing (Figure 11a,c). After once remelting, the CSN of
these two parameters is increased to 39.8 and 7.0, respectively (Figure 11b,d). For compar-
ing, the samples fabricated at a processing parameters 400 W-0.22 m/s (CSN = 39.9) and
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220 W-0.73 m/s (CSN = 7.1) are shown in Figure 11e,f. For the parameters 190 W-0.15 m/s
(Figure 11c), the Al and Cu melt experienced sufficient convective stirring after once remelt-
ing, so that the composition inhomogeneity disappeared. However, such a high CSN
exists in the area with extremely low scanning speed in the process space, and the sample
cannot even be formed due to overheat (Figure 11e). For the parameters 220 W-1.3 m/s
with remelting (Figure 11d), the composition inhomogeneity region still exists due to the
insufficient convective stirring numbers, and this is consistent with the morphology within
the un-remelted sample with the number of convective stirrings equal to 7.1 (Figure 11f).
These results showed that the availability of remelting on tailoring the composition in-
homogeneity, and the homogeneous Al20Cu samples can be printed when CSN is equal
to 39.8.
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4. Conclusions

The Al20Cu alloy was selected as the benchmark alloy to investigate guidance for the
tailoring of composition inhomogeneity by adjusting processing parameters. The main
conclusions can be drawn as follows:

(1) The composition inhomogeneity of the in-situ alloyed Al20Cu alloy was character-
ized. The morphology of the composition inhomogeneity resembled the convective motion
of the melt, and it is closely related to the processing parameters;

(2) In the present Al20Cu alloy, the convection within the molten pool reaches the peak
of intensity once the normalized enthalpy of processing parameters exceeds 22.5, while the
size of the melt pool and its life period continue to increase;

(3) A non-dimensional number CSN was provided to reflect the time-space character-
istics of molten pool under various processing parameters. A processing map of convective
stirring number was proposed for tailoring the composition inhomogeneity. An Al20Cu
sample without composition inhomogeneity was successfully fabricated with the guidance
of this processing map.

In summary, the results of this work provide process guidance for tailoring the com-
position inhomogeneity via LPBF in-situ alloying and contribute to the development of
new materials for additive manufacturing by in-situ alloying.
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Abstract: Cube and tensile samples of reduced activation ferritic/martensitic steel were formed at
different laser powers and scanning velocities using a selective laser melting process; the microstruc-
tural characteristics and tensile properties of the cube and tensile samples were investigated in this
study. The experimental results showed that the SLMed CLF-1 samples that formed with selected
laser melting were near-fully dense, and the relative density of the SLMed CLF-1 samples exceeded
99%. Meanwhile, there were numerous nano-sized spherical and needle-like precipitate dispersions
distributed in the grains and boundary of the grains, and the precipitates were mainly composed of
M23C6 carbide and MX carbide. The microstructure was composed of columnar grains and equiaxed
grains arranged in a sequence, and the smallest average size of the grains was 15 ± 2.1 µm when
measured at 320 W of power and 800 mm/s scanning velocity. In addition, the sample at 320 W of
power and 800 mm/s scanning velocity exhibited higher yield strength (875 ± 6.0 MPa) and higher
elongation (25.6 ± 0.8%) than that of the sample at 200 W of power, 800 mm/s scanning velocity,
yield strength of 715 ± 1.5 MPa, and elongation of 22.6 ± 1.2%.

Keywords: CLF-1 steel; selective laser melting; process parameters; microstructure; mechanical properties

1. Introduction

In the past decades, reduced activation ferritic/martensitic (RAFM) steel has been
widely selected as primary structural materials in the nuclear industry, including test blan-
ket modules (TBMs), nuclear power cladding, and cores, owing to its good advantages of
low activation, good radiation resistance, and outstanding mechanical and thermophysical
properties [1–4]. The service environment of RAFM steel structure that are used in the
nuclear industry usually needs to withstand high thermal load, and it needs to match
the plasma configuration [5–8]. Therefore, RAFM steel structures have complex curved
surfaces and require high precision. These conditions bring great challenges to traditional
processing techniques, and new forming strategies to solve this conflict are desired in the
manufacturing of reduced activation ferritic/martensitic steel. Additive manufacturing
(AM) can form complex components with high design flexibility because of the layer-by-
layer processing methods. The AM approach is mainly divided into laser-directed energy
deposition (LDED) and selective laser melting (SLM) according to the powder feeding
forms. The LDED technique is widely used in the manufacture and repair of large parts
because of the high deposition rate and high degree of freedom of the powder feeding
nozzle. The SLM method is suitable for manufacturing precision parts owing to its small
molten pool [9–12]; therefore, SLM has been used to confirm the feasibility of producing
the RAFM steel component [13–15].

Huang et al. [13] utilized the SLM method to fabricate an RAFM steel component
in 2018; while the SLMed RAFM steels have poor formability with many porosities and
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cracks, Thomas et al. [15] produced RAFM steel walls and solid buildings using SLM. The
SLM-built RAFM steel achieved poor anisotropy and lower ductility (7%) compared with
the forgings in elongation (~20%) [16]. Huang et al. [14] reported that the defects can be
dramatically eliminated by hot isostatic pressing, and as a result the tensile strength of
the as-deposited material is improved. However, the use of hot isostatic pressing process
causes the tensile strength to deteriorate, and it cannot guarantee the elimination of all the
porosities and micro-cracks. Meanwhile, this treatment increases the cost and processing
time and contradicts the concept of AM one-time molding. Therefore, it is necessary to
systematically study the relationship between the SLMed RAFM steel processing, structure,
and performance. In this study, RAFM steels were fabricated using the SLM method under
various laser powers and scanning velocities, and the microstructure and tensile properties
were investigated using scanning electron microscope (SEM), optical microscopy (OM),
and X-ray diffraction (XRD) analyses to further understand the relationship between the
processing, microstructure, and properties. The evolution behavior of grain morphology
was also revealed in detail based on the experimental results.

2. Materials and Experimental Procedures
2.1. Materials

The RAFM steel raw material CLF-1 was developed by the Southwest Institute of
Physics in this experiment. CLF-1 is intended to be used as the first-wall material for
fusion reactors in the future. The manufacturing methods for CLF-1′s powder particle
are usually one of two methods: gas atomization (GA) and plasma-rotating electrode
process (PREP) [17]. The GA approach is the most common method of powder production.
Compared with the GA method, the PREP technique has many advantages, such as higher
sphericity and lower porosity [17,18]. Considering the characteristics of sphericity and
porosity, the powder was produced using the PREP method and was provided by the
Institute of Metal Research, Chinese Academy of Sciences. The purpose of this research
was to apply RAFM steel in a reactor. The interaction between the neutrons and Mo, Nb,
and N elements of the RAFM steel in the reactor will lead to radioactivity in RAFM steel;
therefore, the Mo, Nb, and N elements of the RAFM steel would be replaced with W, Ta,
and V for the purpose of reducing the activation of RAFM steel. Table 1 lists the chemical
compositions of the CLF-1 powder. It can be clearly seen from Table 1 that the CLF-1 steel
in this investigate was a low-carbon martensitic steel, and the components of CLF-1 steel
were C, Cr, W, Ta, V, Mn, and Fe, and the mass fraction of Fe was 88.16%.

Table 1. Chemical composition of the CLF-1 steel powder.

Element C Cr W Ta V Mn Fe

Wt% 0.11 9.4 1.5 0.15 0.21 0.47 88.16

Figure 1 shows the scanning electron microscope picture of the CLF-1 powder pro-
duced using the PREP method. It can be clearly seen from Figure 1 that the average particle
size range of the powder particles is 31.3 µm, and the powder particles have good sphericity.
There is no obvious hollow in the powder particles.
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2.2. Experimental Procedures

RAFM steel powder particles were dried for 2 h at a temperature of 120 ◦C to remove
moisture at the beginning of the experiment. The selective laser melting experiment was
carried out in a BLT S310 SLM system. This system contains a 500 W fiber laser and stable
powder spreading system. The layer thickness of the powder was set as 30 µm, and the
hatch spacing was 85 µm. The laser size was 80 µm. Cuboid samples with dimensions of
10 × 10 × 10 mm3 were fabricated for microstructural analysis, and plate-shaped tensile
specimens were horizontally fabricated (see Figure 2). In order to reduce the stress concen-
tration, the scanning strategy adopted zigzag scanning. The laser powders and the scanning
speeds were selected considering the optimized process parameters. Table 2 lists the pro-
cess parameters used in this experiment, and one cuboid sample was formed for each of
the parameter settings. The densities of the SLMed CLF-1 cuboid samples were measured
using Archimedes’ method with distilled water. The phase analysis of the as-deposited
samples was carried out using X-ray diffraction (XRD) with Cu Kα radiation, and the type
of XRD used was a Rigaku MiniFlex 600 (Rigaku Inc., Tokyo, Japan); the scanning speed
of the XRD analysis was run at about 10 ◦/min. The samples were mechanically ground
with #400–2000 before observing the microstructure and polished with 2.5 µm of polishing
paste; they were then etched by the solution Vilella’s reagent (1 g of picric acid, 10 mL of
hydrochloric acid, and 100 mL of ethanol). The microstructure of the sample was examined
by optical microscopy using a Keyence VHX-5000 microscope (Keyence Inc., Osaka, Japan)
and scanning electron microscope (SEM, FE-SEM, ZEISS MERLIN Compact, Oberkochen,
Germany). Hardness tests were carried out using a Struers Duramin-A300 Vickers micro-
hardness tester (Struers Inc., Copenhagen, Denmark) at load of 500 g with 15 s. Tensile tests
of the samples were conducted using an INSTRON11-96 electronic testing machine (Instron
Inc., High Wycome, England). Three tensile specimens were tested for each condition.
The balanced phase diagram and continuous cooling transformation curve (CCT) were
calculated using JMatPro software (V5.1, Sente Software Inc., Surrey, England). JMatPro
is a software based on material type which has been used in different studies and has
good agreement with the predicted material’s characteristics (alloy composition, phases,
phase composition, physical and mechanical properties, etc.) [12]. The element composition
setting in JMatPro, which is used to calculate CCT and the balanced phase diagram, was
same as in Table 2. The material type of calculation was selected to be stainless steel.
The temperature calculation ranged from 10 ◦C to 1600 ◦C, and the calculation step was
conducted at 10 ◦C.
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Table 2. The process parameters used in this investigation.

Laser Power (W) Scanning Velocity
(mm/s)

Layer Thickness
(µm) Hatch Spacing (µm)

200
600

30 85
800

320
600
800
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3. Results and Discussion
3.1. Microstructure

Figures 3 and 4 show the morphologies of the CLF-1 grains from the top view and side
view under different process parameters, respectively. As can be seen from Figures 3 and 4,
there were no obvious cracks and pores in the samples, and the relative density of all the
samples exceeded 99%. The sample reached the highest relative density in the conditions
of 320 W power and 800 mm/s scanning velocity, where the relative density was 99.73%.
Meanwhile, the microstructure of the grains had a similar morphology; the average grain
size was smallest in the conditions of 320 W power and 800 mm/s scanning velocity, and
the average grain size was 15 ± 2.1 µm.
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The growth mode and structure morphology during the solidification process are
dependent on the temperature gradient (G) and the growth rate (R). The growth rate (R)
can be expressed as [19]:

R = Vs × cosθ (1)

where Vs is the scanning velocity and θ is the angle between Vs and R. The temperature
gradient G can be calculated as follows [20]:

G =
2K(T − T0)

2

εP
(2)

where T is the liquid temperature of the alloy, T0 is the initial temperature of the substrate,
ε is the laser absorption coefficient, and P is the laser power. The liquid temperature T of
the alloy can be estimated by [21,22]:
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where P is the laser power, D is the diameter of the laser beam, and β is the laser absorptivity,
which can be calculated by: α × c× ρ, where α is heat dissipation coefficient, c is the specific
heat capacity, and ρ is the density of material.

According to Equation (3), T is proportional to the laser power P; therefore, T increases
with an increase in P. According to Equation (2), the temperature gradient G is proportional
to liquid temperature T2 of the alloy; as a result, the temperature gradient G increases
with an increase in laser power P. Hence, one conclusion can be deduced that G and R are
greatest at 320 W power and 800 mm/s scanning velocity conditions. According to rapid
solidification, the grains become smaller as the G × R increases [23].

It can also be seen from Figures 3 and 4 that columnar grains and equiaxed grains
were arranged in sequence along the Y-direction, the equiaxed grains were formed along
the center line of the laser track, and epitaxially grown columnar coarse grains penetrated
through multiple deposition layers; meanwhile, the width of these columnar grains was
about 85 µm, which matched the hatch spacing well. It is worth noting that the direction of
epitaxial growth of the columnar grains was not perpendicular to the deposition direction,
which is related to the direction of heat diffusion during the solidification of the molten
pool. The authors believe that there is a temperature gradient in the molten pool from the
center of the molten pool to the outside during the solidification process which, combined
with the subsequent laser remelting, resulted in the columnar grains and equiaxed grains
being arranged in sequence along the Y-direction.

Figure 5 shows the XRD patterns of the as-deposited CLF-1 steel at 200 W power
and 800 mm/s scanning velocity and 320 W power and 800 mm/s scanning velocity,
respectively. As can be seen from Figure 5, the diffraction peaks were 44.6◦, 65◦, 82.3◦,
which are consistent with the diffraction peaks of ferrite/martensite. Meanwhile, there
was no residual austenite detected due to the high cooling rate during the SLM process.
It can be seen from Figure 5b–d that the diffraction peak shifted toward the large angle
with increasing laser power. The authors believe that as the laser energy density increases,
the redistribution of large-sized atoms (Cr, V, and Ta) and interstitial atoms caused the
interplanar spacing to decrease, which resulted in this phenomenon.

Figure 6 shows the SEM images of the SLMed CLF-1 steels observed from the top
view. It can be seen that numerous nano-sized spherical and needle-like precipitates were
dispersion distributed in the grains and boundary of the grains. These precipitates mainly
play a role in dispersion strengthening by pinning dislocations and subgrain boundaries
to increase the strength [24]. The precipitates of the SLMed CLF-1 steels were mainly as
follows: M23C6 carbide, MX carbide, and the laves phase shown in the balanced phase
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diagram (Figure 7). Because laves phases are often generated during the creep process and
have an irregular shape [25], the precipitates were M23C6 carbide and MX carbide.
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3.2. Mechanical Properties

Table 3 lists the micro-hardness of the SLMed CLF-1 steel from the bottom to the
top along the deposition direction. As can be seen from Table 3, with the formation of
martensites during the SLM process, the micro-hardness became high. It can be seen from
Table 3 that the increase in laser power had no significant effect on the micro-hardness. The
average micro-hardness of the bottom, middle, and top was 312 ± 7 HV, 289 ± 8 HV, and
293 ± 3 HV at 200 W power with 800 mm/s scanning velocity process, and 323 ± 6 HV,
310 ± 3 HV, and 296 ± 5 HV at 320 W power with 800 mm/s scanning velocity process,
respectively. It can also be seen that the micro-hardness from the bottom, middle, and top
of the sample was similar, which indicates that the microstructure uniformity was relatively
consistent during the SLM Process.

Table 3. Micro-hardness of the SLMed CLF-1 steel.

Location 200 W 800 mm/s 320 W 800 mm/s

Micro-hardness (HV)
Top 293 ± 3 296 ± 5

Middle 289 ± 8 310 ± 3
Bottom 312 ± 7 323 ± 6

Figure 8 shows the stress–strain curves of the SLMed CLF-1 steels. As can be seen
from Figure 8, the sample at 320 W power with 800 mm/s scanning velocity exhibited a
higher yield strength of 875 ± 6.0 MPa and higher elongation of 25.6 ± 0.8% than that of the
sample with 200 W power, 800 mm/s scanning velocity, yield strength of 715± 1.5 MPa, and
elongation of 22.6 ± 1.2%. The ultimate tensile strength samples at 200 W and 320 W power
with 800 mm/s scanning velocity were 710 ± 5.1 MPa and 553 ± 7.2 MPa, respectively.
The ductility and strength of the SLMed samples was about the same as the forgings [16].
In polycrystals, the yield strength(σs) and the average grain diameter(d) satisfy the Hall–
Petch relationship: σs = σ0 + Kd−1/2, where K is the influence coefficient of the grain
boundary on deformation, which is related to the grain boundary structure. The higher
yield strength at 320 W power and 800 mm/s scanning velocity can be explained by the
average grain diameter(d) being smaller than that of the sample with 200 W power and
800 mm/s scanning velocity.
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Owing to the unique microstructure formed by the SLM process as shown in Figure 3,
Figure 4, and Figure 6, stress concentration occurred at the interface between the columnar
grains and the equiaxed grains. The ductility increased due to the stress being dispersed
in numerous equiaxed grains. Many fine carbides precipitating from substrate play an
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important role in precipitation hardening to increase the strength. As a result, the SLMed
CLF-1 steel displayed excellent mechanical properties.

4. Conclusions

In this study, the cube and tensile samples of the SLMed CLF-1 steel were formed
with the selected laser melting technique at different laser powers and scanning velocities.
Furthermore, the microstructure and mechanical properties of these samples have been
systematically researched. The conclusions are shown as follows:

(1) The relative density of the SLMed CLF-1 samples exceeded 99%, and there were no
obvious tracks and pores in the samples due to using the PREP powder.

(2) Numerous nano-sized spherical and needle-like precipitates were dispersion distributed
in the grains and boundary of the grains, and the precipitates were mainly composed of
M23C6 carbide and MX carbide. The microstructure was composed of columnar grains
and equiaxed grains, and the smallest average size of the grains was 15 ± 2.1 µm under
the procedure parameters of 320 W power and 800 mm/s scanning velocity.

(3) The sample at 320 W power and 800 mm/s scanning velocity exhibited higher yield
strength (875 ± 6.0 MPa) and higher elongation (25.6 ± 0.8%) than that of the sample
at 200 W power, 800 mm/s scanning velocity, yield strength (715 ± 1.5 MPa), and
elongation (22.6 ± 1.2%).

The investigation showed that the room temperature comprehensive mechanical
properties of SLMed CLF-1 steel are same as the forgings. The investigation also pro-
vides a new processing strategy for fabricating SLMed CLF-1 steel components. However,
the microstructure of SLMed CLF-1 steel has coarse columnar grains, and the obvious
anisotropy of these columnar grains will cause significant differences in the tensile proper-
ties of different deposition directions. It is necessary to focus on the deposition samples
of different directions in the future. Furthermore, SLMed CLF-1 steels have been used in
high-temperature environments for a long time, and our follow-up work will study the
high-temperature mechanical properties of SLMed CLF-1 steels samples. This work lays
the foundation for the application of SLMed CLF-1 steel in the nuclear industry and serves
as a significant guide suggestion for the research of first-wall cladding material.
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Abstract: In this paper, the influences of relative humidity (RH) and concentration of O2 on copper
corrosion in H2S-containing LPG (liquid petroleum gas) were studied. The corrosion products
obtained in different environments were also analysed by scanning electron microscopy (SEM), energy
dispersive spectrometry (EDS), grazing incidence X-ray diffraction (GIXRD), X-ray photoelectron
spectroscopy (XPS) and Fourier transform infrared spectroscopy (FTIR). In H2S-containing LPG, RH
has pronounced influence on the corrosion grade of copper. The variation in the critical point (CP)
with the RH of LPG is a linear relationship. The presence of O2 in dry H2S has limited influence
on the corrosion of copper. In the presence of different RHs, the CP always follows a negative
exponential function with O2 concentration. The analysis of different corrosion products implies
different corrosion behaviours and mechanisms, which are dependent on the presence or absence of
water vapour. The corrosion mechanisms obtained in four different environments were also proposed.

Keywords: copper corrosion; liquefied petroleum gas; H2S corrosion; SEM; XPS

1. Introduction

Natural gas is widely used in industry and our daily life. As an important existence of
natural gas, liquefied petroleum gas (LPG) is more commonly utilized for its accessibility
in transportation. In the exploitation and processing of LPG, sulphur removal is inevitable
for the sake of alleviating corrosion attack by sulphide existing in produced LPG [1–3].
Various forms of sulphide, such as hydrogen sulphide, mercaptan and carbonyl sulphide,
may lead to corrosion of copper components in production and storage facilities. Although
the sulphur removal process can eradicate most of the sulphide to some extent, the residual
sulphide, in trace amounts, can also be harmful to the corrosion of copper components. Of
those common active sulphides, H2S is the most harmful to copper, even it is presented
in low concentration. Although previous studies have revealed the behaviour of H2S on
copper corrosion in LPG, the influence of other environmental factors, such as the presence
of O2 and relative humidity (RH), also contribute to corrosion attack.

Recently, the corrosion behaviour of copper in the presence of various sulphides has
been extensively studied [4–7]. Echeverria investigated the copper corrosion in SO2 through
atomic force microscopy (AFM). The results showed that the microscopic topography and
roughness of the copper surface changed after several weeks in a polluted atmosphere
containing SO2 [8]. Majtás discovered that low concentrations of H2S can corrode copper
parts, resulting in electrical failure of electronic equipment. Additionally, the adsorbed
water can promote corrosion attack [9]. Zhu proved that the corrosion rate of copper
in an SO2 environment first increases and then gradually decreases with exposure time.
Conversely, the corrosion rate of copper in H2S increases slowly at first and then sharply
declines [10]. Araban studied the corrosion behaviour of copper in different rural atmo-
spheres. The results showed that corrosion product of Cu2O formed preferentially, in which
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relative humidity and ammonium sulphate had remarkable influence on the corrosion
behaviour [11]. Monzó found that sulphide has an obvious influence on corrosion between
the boundary and the centre of a copper sheet. Additionally, elemental sulphur is more
corrosive than ethanethiol. The corrosion products of elemental sulphur are in the form of
nodule particles, and the ethanethiol is in the form of a uniform film [12]. García found
that, at low concentrations of elemental sulphur (5 ppm), mercaptans can significantly
promote corrosion. At high concentrations of elemental sulphur (25 ppm), mercaptans
inhibit the corrosion of elemental sulphur. Disulphide has an obvious inhibition effect
on the corrosion of elemental sulphur [13]. Studies on the corrosion behaviour of copper
in the outdoor natural atmosphere have also been reported [14–20]. Kong proved that
the uneven corrosion of copper in the atmosphere of Turpan is caused by the dry–wet
cycle and the cold–heat cycle [21]. Lopesino believed that the corrosion of copper is more
serious when closer to the coast, and the degree of patina coverage depends on the con-
centration of chloride in the atmosphere [22]. Yan confirmed that the corrosion rate of
copper in the atmosphere with sodium chloride is almost 30000 times higher than that
in the blank atmosphere [23]. Some other studies focused on the influence of RH on the
corrosion behaviour of copper [24–26]. Odnevall believed that in the rural atmosphere
containing ammonium sulphate, the RH of the gas had a great influence on the corrosion
behaviour of copper [12]. Sharma proposed that regarding copper in H2S with low relative
humidity, the Cu2O layer resulted by air has a good protective effect on H2S. It almost
has no protection under high RH [27]. Wu proved that the RH of the chloride-containing
atmosphere is a key factor affecting the corrosion behaviour of copper wires [28]. The
corrosion behaviour of chloride on copper has also been extensively studied [29]. Chen
proposed that the non-uniform growth of corrosion products on the copper surface in
chloride-containing sulphide aqueous solutions resulted in a potential difference between
the “thick film” and the “thin film”, and this small potential difference accelerated the
occurrence of corrosion [30]. Lu believed that chloride ions in the marine atmosphere of
Nansha are the key factors to accelerate the corrosion of copper, and the corrosion products
are Cu2O and Cu2Cl(OH)3 [31]. Schindelholz believed that sodium chloride is favourable
for the formation of NaOH-rich diffusion regions, and copper preferentially forms Cu2O
and Cu(OH)2 [32]. There are also few reports on the electrochemical study of corrosion
products on copper surfaces [33]. Tran found that the growth of corrosion product films of
copper exposed to H2S-containing subsurface gas has three successive stages: the first stage
is a linear growth rate in thin layers (less than 15 nm). In the second stage, the oxidation rate
is limited by the diffusion of copper(I) ions through the thicker corrosion layer. The third
stage is linear growth [34]. Fiaud believes that both hydrogen sulphide concentration and
relative humidity can promote the growth of oxide and sulphide corrosive substances. The
growth mechanism of Cu2O is an electrochemical mechanism, and the growth mechanism
of Cu2S is a mixed chemical and electrochemical mechanism [35]. Some other reports aimed
at the corrosion behaviour of copper regarding other aspects, for example, application
of theoretical calculations to copper corrosion [5–7,24], the influence of various organic
acids on copper corrosion [36,37], the influence of changes in magnetic field on copper
corrosion [38] and corrosion behaviour of copper by oxygen plasma [39].

Although some behaviours of copper corrosion in H2S have been studied, there is still
some insufficiency. It is necessary to investigate the corrosion behaviour and mechanism of
copper in LPG containing H2S at different conditions, including the presence of different
RHs and O2 concentrations. In this paper, the influence of RH and O2 on the corrosion
behaviour of copper in H2S-containing LPG was studied, the corrosion products on the
surface of copper sheets were characterized and analysed and the corresponding corrosion
mechanism of H2S on copper was proposed.
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2. Experimental Methods
2.1. Materials

Copper sheets used in corrosion experiments were purchased from Fushun Keruisi In-
strument Co., Ltd. Fushun Liaoning Province, China, which strictly follows the requirement
of the ASTM standard [40]. The size of cuboid copper sheet is 75 mm × 12.5 mm × 3 mm,
with the purity higher than 99.9%. Copper powder (analytical grade, Chengdu Kelon
Chemical Co., Ltd. Chengdu, China) was used in X-ray photoelectron spectroscopy (XPS)
and FTIR (Fourier transform infrared spectrometry). The purity of powder is 99.5% and
the average particle size is 23 µm. The components of LPG are listed in Table 1. H2S and
O2 gas used in the experiments were purchased from Zhengrong Gas company (Chengdu,
China). The purity of H2S and O2 is 99.9%.

Table 1. The components of LPG.

Component Propane Isobutane N-Butane

wt./% 70 14 16

2.2. Copper Corrosion Tests

Copper corrosion tests were carried out according to the ASTM standard [40]. The
copper sheet was first abrased with 65 µm silicon carbide sandpaper. Then, it was washed
with isooctane. The copper surface was polished by 105 µm silicon carbide particles, which
were operated with the assistance of isooctane-soaked degreasing cotton. The prepared
copper sheets were suspended into the cylinder (the special closed container for corrosion
test) in three parallel experiments. Then, high-purity N2 was used to remove the air inside
the cylinder, by ventilating N2 into the cylinder to substitute the air. Then, to control the
mass flow of LPG and H2S through a flowmeter (FMA5400A, Omega, San Antonio, TX,
USA), they were injected into the cylinder and the gas was mixed evenly. Subsequently,
the valve was fastened. Finally, the cylinder with mixture of LPG and H2S was vertically
immersed in a water bath at a constant temperature (40 ± 0.5 ◦C) for 60 ± 5 min. After
the experiment time was over, the liquid and gas in the cylinder were discharged. The
copper sheets were taken out and compared with the standard colour plate [40]. Next, the
corrosion grades of the copper sheets were evaluated. The details of the grade evaluation
are shown in Table 2. The standard stipulates that if the corrosion level of a copper sheet
reaches 2a and above, it is regarded as unqualified in corrosion.

Table 2. The grading table of copper corrosion standard swatches [40].

Corrosion Level Copper Colour Detailed Description

1 mild
discolouration

a. pale orange, almost the same as freshly polished copper
b. dark orange

2 moderate
discolouration

a. fuchsia
b. lavender

c. multicoloured with lavender blue, silver or both, overlaid on fuchsia
d. silver

e. brass or golden yellow

3 deep
discolouration

a. multicolour magenta overlay brass
b. multicolour (malachite green) shown by red and green, no grey

4 corrosion
a. transparent black, dark grey or brown with only malachite green

b. graphite or matte black
c. glossy black or jet-black glossy black

2.3. Analysis of Corrosion Products

To facilitate the characterization of corrosion products, the concentrations of H2S and
O2 were increased to 50 ppm and 10 ppm in copper corrosion tests. The copper sheets were
used in corrosion tests for characterizations such as scanning electron microscopy (SEM),
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energy dispersive spectrometry (EDS) and grazing incidence X-ray diffraction (GIXRD).
Samples of corrosion products for XPS and FTIR were prepared with powder, which could
provide better results than copper sheets. The copper powder samples were applied by
placing 0.1 g of copper powder in a glass sample bottle. Then, the glass sample bottle was
suspended in a cylinder to conduct a copper corrosion experiment.

SEM (Model EVO MA15, ZEISS, Jena, Germany) was used to observe the morphol-
ogy of the corrosion products on the copper surface. EDS (Model X-MaxN, OXFORD
INSTRUMENTS Company, Abingdon, UK) was used to analyse the elemental composition
of the corrosion products on the copper sheet surface. XPS (Nexsa type, Thermo Scientific,
Waltham, MA, USA) was used to analyse the elemental composition and valence distribu-
tion of the corrosion products on the copper powder surface. The original XPS image was
fitted with Casa XPS software. GIXRD (SmartLab 9 kw, Rigaku, Tokyo, Japan) was used
to analyse the phase composition of corrosion products on the copper sheet surface. FTIR
(INVENIO R, Bruker Optik GmbH, Bremen, Germany) was carried out to test the infrared
spectrum of the corrosion products on the copper powder surface.

3. Results and Discussion
3.1. Influence of Humidity on Copper Corrosion in H2S-Containing LPG

The corrosion behaviour of copper in H2S-containing LPG is very sensitive to the
gas humidity. The higher the gas humidity, the more easily copper is corroded by H2S.
Figure 1a shows the variation in the corrosion grade of copper in H2S-containing LPG at
different gas humidities. In LPG containing 3 ppm H2S, the corrosion grade of copper
gradually intensifies with the increase in gas humidity. At 0–30% RH, there is no significant
corrosion on the copper surface (corrosion grade is 1a). At 50–100% RH, the surface of the
copper sheet begins to corrode (at 50% RH, the copper corrosion grade is 2a). The degree
of corrosion varies with humidity. The copper corrosion grade reaches 2e at 100% RH.
Meanwhile, the variation in the copper corrosion grade in LPG without H2S in the presence
of different gas humidities is used as comparison, in which the copper surface does not
corrode at all humidities (corrosion grade is 1a).
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Figure 1. (a) Variation in copper corrosion grade in H2S-containing LPG with humidity; (b) the
influence of H2S concentration and RH on the corrosion grade of copper in LPG.

The critical point (CP) of copper corrosion in H2S-containing LPG decreases with the
increase in the relative humidity of LPG. The CP is defined as the lowest H2S concentration
to reach the corrosion grade of 2a at specific environmental conditions. Figure 1b shows
the influence of H2S concentration and RH on the corrosion grade of copper in LPG. It can
be seen that the CP gradually decreases with the increase in gas humidity. From 0% RH
to 100% RH, the CP decreases from 3.8 ppm H2S to 1.7 ppm H2S. It indicates that higher
humidity is more beneficial to the corrosion process. In higher humidity, the thin film of
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water at the copper surface forms more easily, which provides an electrolyte environment
for H2S dissolution and electrochemical corrosion. With the increase in RH, the thickness
of the water film at the interface increases, which will provide a better condition for
electrochemical corrosion. Therefore, the corrosion attack is more severe at higher RH and
the CP would be lowered with the increase in RH.

The influence of RH on the CP is shown in Figure 2. The results of the CP at different
RHs show a linear relationship. The fitted data obey Equation (1) as follows:

CP = −0.021 RH + 3.77 , R0 = 0.96 (1)

where CP is the critical point of copper corrosion, corresponding to the lowest H2S concen-
tration for reaching the corrosion grade of 2a. RH is the relative humidity for the corrosion
test. R is the coefficient of determination. The results imply that with the increase in RH, the
thickness of the water film formed at the copper surface increases accordingly. The thicker
water film is more favourable for H2S dissolution. Consequently, the electrochemical
corrosion process is enhanced.
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3.2. Synergistic Effect of Oxygen and Humidity on Copper Corrosion in H2S-Containing LPG

A small amount of O2 has limited influence on the corrosion of copper in dry LPG
(0% RH). Figure 3a shows the variation in copper corrosion grade with O2 content in LPG
(0% RH) containing H2S. As can be seen from Figure 3a, in pure LPG (without H2S), the
corrosion grade of copper does not change with the increase in O2 content (corrosion grade
is 1a). No apparent corrosion happened at the copper surface at such condition. In LPG
containing trace H2S (1 ppm), slight corrosion on the copper surface appears with the
increase in O2 content. Among them, there is no apparent corrosion on the copper surface
from 0 to 5 ppm O2, and the corrosion grade of copper sheets in 10 ppm O2 begins to rise
to 1b, which is also below 2a.
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Figure 3. Influence of oxygen concentration on copper corrosion grade in H2S-containing LPG at
(a) 0% RH, (b) 100% RH.

A small amount of O2 has a pronounced effect on the corrosion of copper in wet LPG
(100% RH). Figure 3b is the variation in copper corrosion grade in H2S-containing LPG
(100% RH) with O2 concentration. It demonstrates that in the absence of H2S, the copper
corrosion grade can hardly be changed with the increase in O2 content. The copper surface
does not corrode in 0–5 ppm O2, displaying a corrosion grade of 1a. In the presence of
10 ppm O2, the copper corrosion grade is slightly promoted to 1b. In the presence of a trace
amount of H2S (1 ppm) at 100% RH, the degree of corrosion is sharply intensified with
the increase in O2 content. An amount of 0.5 ppm of O2 can lead to unqualified copper
corrosion (grade 2a). When the O2 content increases to 1 ppm, the corrosion grade rapidly
climbs to grade 2d. When the content of O2 continues to increase, the corrosion grade is
stabilized at grade 2d.

Figure 3 reveals that the coexistence of gas humidity and O2 has a notable synergistic
effect on the corrosion of copper in LPG in the presence of H2S. Compared with pure LPG
(0% RH, 0 ppm O2), the copper in LPG containing wet H2S and O2 is more easily corroded.

In order to further study the synergistic effect of oxygen and humidity on the CP
of copper corrosion in H2S-containing LPG, the corrosion behaviour of copper in H2S-
containing LPG in the presence of different oxygen concentrations was studied at 0% RH,
30% RH, 50% RH, 80% RH and 100% RH, respectively. The results are shown in Figure 4. It
can be seen that at every RH condition, the CP gradually decreases with the increase in O2
concentration. At the same oxygen concentration, CP gradually declines with the increase
in the gas humidity.
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Figure 4. Influence of oxygen content on CP at (a) 0% RH, (b) 30% RH, (c) 50% RH, (d) 80% RH,
(e) 100% RH.

More precise behaviour can be illustrated by interpreting the relationship between the
CP and O2 concentration at different RHs, as is shown in Figure 5. The discussion is carried
out at different RHs.
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(a) In the absence of water (0% RH), CP follows a linear relationship with O2 concentration.
The fitted data obey Equation (2) as follows:

CP0% = 3.81 − 0.978 C0 , R1 = 0.98 (2)

where CPx% is the critical point of copper corrosion in H2S-containing LPG (x% RH),
corresponding to the minimum H2S concentration for corrosion grade 2a. C0 is the oxygen
concentration of LPG in the copper corrosion test. R is the coefficient of determination.

(b) In the presence of water (30% RH), CP follows a negative exponential function with
the O2 concentration. The fitted data obey Equation (3) as follows:

CP30% = 0.720 e−3.82 C0 + 2.585 , R2 = 0.99 (3)

(c) In the presence of water (50% RH), CP follows a negative exponential function with
the O2 concentration. The fitted data obey Equation (4) as follows:

CP50% = 0.720 e−3.82 C0 + 1.685 , R3 = 0.99 (4)

(d) In the presence of water (80% RH), CP follows a negative exponential function with
the O2 concentration. The fitted data obey Equation (5) as follows:

CP80% = 0.793 e−4.74 C0 + 1.305 , R4 = 0.99 (5)

(e) In the presence of water (100% RH), CP follows a negative exponential function with
the O2 concentration. The fitted data obey Equation (6) as follows:

CP100% = 1.123 e−10.20 C0 + 0.564 , R5 = 0.98 (6)

In the absence of H2O, the contribution of O2 to copper corrosion is relatively even,
which is consistent with a previous report [27]. However, the presence of H2O makes
copper corrosion more sensitive to O2 even at low O2 concentration. The formation of
a water film on the copper surface makes the corrosion process different. According to
the Arrhenius Equation, Equations (7) and (8), in kinetics, when the temperature of the
reaction system is constant, the rate constant of a specific chemical reaction is related to the
activation energy of the reaction. The lower the activation energy of the reaction, the faster
the reaction rate is. In the presence of H2O, the activation energy in the reaction system
decreases (Equation (9)). Compared with the reaction system without H2O, the reaction
rate constant (k) is larger, so the reaction rate is faster. This explains why the CP at 0% RH
is higher than the CP in the presence of H2O.

k(0) = A e(−Ea(0)/RT) (7)

k(c) = A e(−Ea(c)/RT) (8)

from Equations (7) and (8):

Ea(c) = Ea(0) − RT ln
(

k(c)/k(0)
)

(9)

where k(0) is the rate constant of the reaction, k(c) is the rate constant of the reaction after
adding the catalyst, Ea(0) is the activation energy of the reaction (kJ·mol−1), Ea(c) is the acti-
vation energy of the reaction after adding the catalyst (kJ·mol−1), A is the pre-exponential
factor, e is the natural base (2.718), R is the gas constant (8.314 J·mol−1·K−1) and T is the
thermodynamic temperature (K). The presence of the water film, which acts as a catalyst in
the system at the interface, changes the kinetics of the corrosion process.

84



Metals 2022, 12, 2015

The variation in the CP with O2 at different RHs can also be explained by Equations
(7)–(9). It is well known that the presence of a water film at the interface can reduce the
activation of the reaction, which can increase the number of activated molecules in the
reaction system by increasing the number of effective collisions. Thus, it significantly
accelerates the reaction rate. A higher RH in the reaction system means a thicker water
vapour film on the copper surface, which implies greater effectiveness in promoting the
corrosion process. When the reaction concentration is constant, the thicker water film
can generate more activated molecules in the reaction system, the reaction rate constant
(k) is larger and more effective collisions are generated per unit time to form more Cu2S
and Cu2O.

3.3. Corrosion Mechanism of Copper in Different H2S-Containing LPG Environments
3.3.1. Surface Morphologies after Corrosion

In different environments, LPG with H2S, H2S + H2O, H2S + O2 and H2S + O2 + H2O,
the microscopic morphologies of the corrosion products on the copper surface sheet are
shown in Figure 6. In the absence of H2S, the copper surface displays an uncorroded
appearance with grooves of abrasion. When corroded in H2S-containing LPG, the copper
surface is evenly covered with a thick corrosion product film. The corrosion products are in
the shape of a regular hexagon with sharp edges and corners. In LPG (100% RH) containing
H2S + H2O, the copper surface is evenly covered with a thick layer of corrosion product film.
The corrosion products are spherical and accumulate at the grooves of scratches, indicating
that the nucleation and growth of corrosion tend to preferentially happen at grooves of
scratches [41]. A similar phenomenon also appears in other environments. In H2S + O2,
the amount of corrosion products is significantly reduced. The corrosion products are
sporadically distributed on the copper surface. The white particles of corrosion products
are irregular in shape and size. It can be seen from the morphology that the general
corrosion at this condition is significantly reduced, which is consistent with the previous
experimental results. The corrosion attack happens at localized active sites, not on the
whole surface. In H2S + H2O (100% RH) + O2, it exhibits a thick corrosion product film on
the copper surface. Some irregular white corrosion products attach on the film surface.
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Figure 6. SEM images of corrosion products of copper sheets after corrosion tests in H2S, H2S + H2O,
H2S + O2 and H2S + O2 + H2O.

3.3.2. EDS Analysis of Corrosion Products

EDS was used to analyse the elemental information of corrosion products. Figure 7
and Table 3 manifest the elemental content of copper corrosion products at four medium
conditions (H2S, H2S + H2O, H2S + O2 and H2S + H2O + O2). It can be seen from the
results that the corrosion products of LPG in H2S mainly contain S and Cu, indicating that
the corrosion products are only composed of copper sulphides. The corrosion products
of LPG containing H2S + H2O mainly contain S, Cu and O, implying that they are mainly
composed of copper sulphides and oxides. It is also possible that oxides were generated by
exposure of the sample to air. The corrosion products in H2S+O2 mainly contain S, Cu and
O. It shows that the content of S is much higher than that of O, indicating that the corrosion
products are mainly composed of a large amount of copper sulphides and a small amount
of copper oxides. The corrosion products in H2S + H2O + O2 mainly contain S, Cu and O
elements, meaning that the corrosion products are mainly composed of copper oxides and
sulphides. The content of O is much higher than that of S, implying that the existence of
H2O and O2 is more favourable for the growth of copper oxide. In the presence of H2O
(100% RH), it is more favourable to form a water film on the copper surface, which in turn
leads to the dissolution and diffusion of oxygen. The electrochemical corrosion happens
with the cathode process of oxygen depolarization reaction. Additionally, the dissolution
of H2S in water film leads to the emergence of H+. The hydrogen depolarization reaction
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as a cathodic process also happens. The two cathodic processes occur at the same time in
H2S + O2 + H2O, which induces the synergistic corrosion effects.
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Table 3. The elemental content of corrosion products at four different corrosion conditions.

Element
H2S H2S + H2O H2S + O2 H2S + O2 + H2O

wt.% Atomic% wt.% Atomic% wt.% Atomic% wt.% Atomic%

O - - 5.18 16.61 2.85 9.20 8.40 25.99
S 9.94 17.95 8.66 13.85 14.98 24.10 3.50 5.40

Cu 90.06 82.05 86.15 69.53 82.17 66.70 88.09 68.60
Total 100.00 100.00 100.00 100.00 100.00 100.00 100.00 100.00

3.3.3. GIXRD Analysis of Corrosion Products

In order to further reveal the corrosion mechanism of copper sheets in different LPG
environments, GIXRD was used to analyse the corroded copper sheets in the presence
of H2S, H2S + H2O, H2S + O2 and H2S + H2O + O2, respectively, and the incident angle
of GIXRD was 0.7◦. The results in Figure 8 show that the spectrum of corroded copper
in H2S-containing LPG is mainly the diffraction peaks of Cu and Cu2S, in which Cu2S
preferentially grows on the (−536) crystal plane. The spectrum of corroded copper in
LPG containing H2S+H2O is mainly the diffraction peaks of Cu and Cu2S, in which Cu2S
preferentially grows on the (−232) crystal plane. The expected spectrum of Cu2O cannot
be obtained, which has been proven by EDS. This is due to a too little amount of corrosion
products. The spectrum of corrosion products in LPG containing H2S+O2 is similar to the
diffraction peaks of corrosion products at H2S conditions, mainly Cu and Cu2S diffraction
peaks. Similarly, Cu2S grows preferentially on the (−536) crystal plane. The spectrum
of corrosion products in LPG containing H2S+O2+H2O is mainly Cu, Cu2S and Cu2O.
The diffraction peak of Cu2O is obviously stronger than that of Cu2S, indicating that
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the conditions are more preferable to the growth of Cu2O [34,35,42]. In addition, in this
circumstance Cu2S preferentially grows along the (034) crystal plane, which is different
from other environmental conditions.

Metals 2022, 12, 2015 12 of 21 
 

 

Table 3. The elemental content of corrosion products at four different corrosion conditions. 

Element 
H2S H2S + H2O H2S + O2 H2S + O2 + H2O 

wt% Atomic % wt% Atomic % wt% Atomic % wt% Atomic % 

O - - 5.18 16.61 2.85 9.20 8.40 25.99 

S 9.94 17.95 8.66 13.85 14.98 24.10 3.50 5.40 

Cu 90.06 82.05 86.15 69.53 82.17 66.70 88.09 68.60 

Total 100.00 100.00 100.00 100.00 100.00 100.00 100.00 100.00 

3.3.3. GIXRD Analysis of Corrosion Products 

In order to further reveal the corrosion mechanism of copper sheets in different LPG 

environments, GIXRD was used to analyse the corroded copper sheets in the presence of 

H2S, H2S + H2O, H2S + O2 and H2S + H2O + O2, respectively, and the incident angle of 

GIXRD was 0.7°. The results in Figure 8 show that the spectrum of corroded copper in 

H2S-containing LPG is mainly the diffraction peaks of Cu and Cu2S, in which Cu2S pref-

erentially grows on the (−536) crystal plane. The spectrum of corroded copper in LPG 

containing H2S+H2O is mainly the diffraction peaks of Cu and Cu2S, in which Cu2S pref-

erentially grows on the (−232) crystal plane. The expected spectrum of Cu2O cannot be 

obtained, which has been proven by EDS. This is due to a too little amount of corrosion 

products. The spectrum of corrosion products in LPG containing H2S+O2 is similar to the 

diffraction peaks of corrosion products at H2S conditions, mainly Cu and Cu2S diffraction 

peaks. Similarly, Cu2S grows preferentially on the (−536) crystal plane. The spectrum of 

corrosion products in LPG containing H2S+O2+H2O is mainly Cu, Cu2S and Cu2O. The 

diffraction peak of Cu2O is obviously stronger than that of Cu2S, indicating that the con-

ditions are more preferable to the growth of Cu2O [34,35,42]. In addition, in this circum-

stance Cu2S preferentially grows along the (034) crystal plane, which is different from 

other environmental conditions.  

 

Figure 8. GIXRD patterns of corrosion products at different conditions. Figure 8. GIXRD patterns of corrosion products at different conditions.

3.3.4. XPS Analysis of Corrosion Products

XPS was also applied to analyse the valence states of corrosion products of copper
sheets in different LPG environments, including H2S, H2S + H2O, H2S + O2 and H2S + H2O
+ O2. The results are shown in Figure 9. Figure 9a is a comparison diagram of the Cu 2p
spectrum of the corrosion products in different LPG environments. In the Cu 2p spectrum
of the corrosion products in H2S, the peaks at 932.75 eV and 945 eV correspond to the
characteristic peak of Cu2S and the satellite peak of Cu+ at the 2p3/2 orbital, respectively.
The peaks at 932.77 eV, 934.10 eV and 943.00 eV in Cu 2p spectrum of corrosion products
in H2S+H2O correspond to the characteristic peaks of Cu2S, CuO and the satellite peaks
of Cu2+ at the 2p3/2 orbital, respectively. The peaks at 932.70 eV, 934.27 eV and 943.00 eV
in the Cu 2p spectrum of corrosion products in H2S+O2 correspond to the characteristic
peaks of Cu2S, CuO and the satellite of Cu2+ at the 2p3/2 orbit, respectively. The peaks at
932.80 eV, 932.51 eV and 945.00 eV in the Cu 2p spectrum of the corrosion products with
H2S + H2O + O2 correspond to the characteristic peaks of Cu2S, Cu2O and the satellite of
Cu+ at the 2p3/2 orbital, respectively, which are consistent with the XRD results. Figure 9b
is the analysis result of the high-resolution S 2p spectrum. As seen in Figure 9b, in different
LPG environments, the XPS signal of S is weak and exists in the form of Cu2S.
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Figure 9c shows the comparative analysis results of the content of Cu2S, Cu2O and
CuO in the Cu 2p spectrum in different LPG environments. The detailed information of
each phase is shown in Table 4. It can be seen from Figure 9c that Cu2S exists in all four
conditions, and the proportion is the highest in pure H2S. With the addition of H2O and O2,
the content of Cu2S decreases and the content of CuO increases gradually. In the presence
of H2O + O2, Cu2S content begins to rise again, and Cu2O appears in large quantities,
which agrees with the previous EDS and XRD results.

Table 4. The content ratio of each phase in the corrosion products in the Cu 2p spectrum.

Element Peak Type Condition BE (ev) Area%

Cu

Cu2S

H2S 932.75 100.00
H2S + H2O 932.77 52.74
H2S + O2 932.70 32.56

H2S + H2O + O2 932.80 70.26

Cu2O

H2S - -
H2S + H2O - -
H2S + O2 - -

H2S + H2O + O2 932.51 29.74

CuO

H2S - -
H2S + H2O 934.10 47.26
H2S + O2 934.27 67.44

H2S + H2O + O2 - -
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3.3.5. FTIR Analysis of Corrosion Products

FTIR was used to analyse the corrosion products in different LPG environments.
The results are shown in Figure 10. It compares the FTIR spectra of copper powder
and copper powder with four different corrosion products. The full FTIR spectra of all
corrosion products are similar to the blank. The absorption peak at 3743 cm−1 represents
the stretching vibration absorption peak of free-state O-H in the impurities on the copper
powder surface. Compared with the blank, the weakening of the peak intensity is caused
by the accumulation of a thick layer of corrosion products on the copper powder surface.
Compared with blank, the absorption peak of 3446 cm−1 is a composite peak, which is
composed of a stretching vibration absorption peak of the associative O-H and Cu(I)-S
on the copper powder surface. The phenomenon of increased peak intensity is due to the
presence of a large amount of Cu2S (3470 cm−1) after corrosion. The absorption peaks
of 2923 cm−1 and 2854 cm−1 represent the stretching vibration absorption peaks of the
C-H bond in the methylene group. The phenomenon of peak intensity enhancement is
caused by the residual LPG in the corrosion products. In the FTIR spectrum of the bank,
there are many unknown absorption peaks around 1500 cm−1, which should be caused
by impurities of the copper powder surface. Figure 10b is an FTIR comparison of 920–
1230 cm−1. Compared with the blank, the absorption peak at 1160 cm−1 is significantly
enhanced, which can be attributed to the stretching vibration of Cu(I)-S (1145 cm−1). The
reason why the peak intensity at this position is similar to the blank can be ascribed to little
corrosion products on the copper powder surface in H2S + O2. Compared with the blank,
the peak position of 1081 cm−1 appears blue-shifted, which is caused by the vibration of a
large amount of Cu(I)-S (1115 cm−1). This phenomenon is more pronounced in conditions
with more corrosion products. Figure 10c shows the FTIR comparison between 400 cm−1

and 800 cm−1 for the four corrosion products and the blank. Compared with the blank, the
apparent enhancement of the absorption peak at 713 cm−1 is due to the in-plane rocking
vibration of C-H in the methylene group of the residual LPG adsorbed in the corrosion
product. As for the weak absorption peak at 619 cm−1 in H2S and H2S + H2O, it can be
regarded as the stretching vibration peak of Cu(I)-S (618 cm−1). In H2S + O2 and H2S
+ H2O + O2, a strong absorption characteristic peak at 619 cm−1 can be regarded as the
composite absorption peak of Cu2S and Cu2O (the absorption peak positions of Cu(I)-S
(618 cm−1) and Cu(I)-O (614 cm−1) are very similar). The strong absorption peak at 499
cm−1 is due to the stretching vibration of Cu=O [42–45].
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Figure 10. FTIR images of corrosion products on copper powder in different LPG environments:
(a) FTIR full spectrum, (b) FTIR images of 920~1230 cm−1, (c) FTIR images of 445~800 cm−1.

The results of the analysis on the differences in the absorption peaks in the FTIR reveal
that Cu2S will be formed on the copper surface in the four conditions. The presence of H2O
promotes the production of CuO.
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3.4. Corrosion Mechanism of Copper in Different LPG Environments

Based on the results of copper corrosion tests and corrosion product analysis, the
copper corrosion mechanisms of copper at different LPG environments can be proposed
as follows.

3.4.1. Corrosion Mechanism in H2S

The corrosion mechanism of copper in LPG only containing H2S is a chemical corrosion
process. The corrosion process is carried out according to the reaction Equations (10) and (11).
Figure 11 is a schematic diagram of the corrosion steps in H2S-containing LPG. In the first
step, H2S gas in the LPG is adsorbed on the copper surface. Then, H2S reacts with Cu
atoms at the surface to generate H2 and Cu2S. The whole corrosion process is a chemical
process. Electrochemical corrosion cannot occur due to the absence of the electrolyte.

H2S(g) 
 H2S(ads) (10)

H2S(ads) + 2Cu 
 Cu2S + H2 (11)
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(b) step2.

3.4.2. Corrosion Mechanism in H2S+H2O

The corrosion mechanism of copper in LPG containing H2S + H2O is an electrochemical
corrosion process. The corrosion process is carried out according to the reaction Equations
(12)–(16). Figure 12 shows the schematic corrosion steps in LPG with H2S + H2O. The
process of electrochemical corrosion can be explained by Figure 12a–c. Firstly, H2O exists
in the form of a water film on the copper surface. H2S in LPG dissolves into the water
film and further hydrolyses to form a great amount of HS−, H3O− (hydronium ions) and a
small amount of S2−. Furthermore, the process of the anodic reaction is losing electrons of a
Cu atom to form Cu2S with S2−, as expressed in Equation (15). The cathodic reaction can be
undertaken as Equation (16), which is the traditional hydrogen depolarization reaction. At
this time, the massive consumption of S2− further promotes the dissolution and hydrolysis
of H2S in LPG, which continuously accelerates the corrosion of copper and results in a
great amount of Cu2S precipitation. However, when the water film is insufficient (low
humidity), it is difficult to form an effective electrochemical corrosion environment. In this
circumstance, the chemical process may be the main reason for corrosion. This is consistent
with the results of XRD, XPS and FTIR. A small amount of CuO in XPS and FTIR is likely
due to the contamination of oxidization in air.

H2S(g) 
 H2S(l) (12)

H2S(l) +H2O 
 HS− + H3O+ (13)

HS− + H2O 
 S2− + H3O+ (14)

91



Metals 2022, 12, 2015

2Cu + S2− 
 Cu2S + 2e− (15)

2H3O+ + 2e− 
 2H2O + H2 (16)
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3.4.3. Corrosion Mechanism in H2S + O2

The corrosion mechanism of copper in LPG with H2S + O2 is a chemical corrosion
process. The corrosion process is carried out according to Equations (10), (11) and (17)–(19).
Figure 13 displays a schematic diagram of the corrosion process in LPG containing H2S
+ O2. In the first step, H2S and O2 molecules in LPG adsorb on the copper surface. Then,
the chemical reaction of copper with H2S and O2 molecules generate Cu2S, H2 and Cu2O,
respectively. Part of Cu2O is further oxidized to CuO by O2. The corrosion mechanism
shows that the presence of only O2 will not significantly promote the corrosion grade of
the copper sheet, which is consistent with the experimental results. In this condition, the
peak of CuO does not appear in the XRD results. However, a small amount of CuO was
detected in XPS, indicating that the content of CuO is quite low in corrosion products. With
the FTIR spectrum, the amount of Cu2O is significantly more than CuO, which implies
Cu2O is more stable than CuO.

O2(g) 
 O2(ads) (17)

O2(ads) + 4Cu 
 2Cu2O (18)

O2(ads) + 2Cu2O 
 4CuO (19)
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3.4.4. Corrosion Mechanism in H2S + H2O + O2

The corrosion mechanism of copper in LPG containing H2S + H2O + O2 is an elec-
trochemical corrosion process. The corrosion process is carried out according to the
Equations (12)–(16) and (20)–(22). The electrochemical corrosion process can be illustrated
by the schematic diagram in Figure 14. Firstly, H2O in LPG exists in the form of a water film
on the copper surface. Two electrochemical reactions happen at the interface. The dissolu-
tion of H2S in the water film leads to the electrochemical reaction in Equations (12)–(16).
Meanwhile, the dissolution and diffusion of O2 also cause another electrochemical corro-
sion reaction, as in Equations (20)–(22), which is the oxygen depolarization process. After
H2S and O2 molecules in LPG dissolve into the water film to form H2S(l) and O2(l), H2S(l) is
further hydrolysed into a large amount of HS−, H3O+ and a small amount of S2-. Cu loses
electrons to form Cu2S and Cu2O with S2- and OH−, according to the anodic reaction of
Equations (15) and (22) [46]. H3O+ and O2(l) obtain electrons from copper to form H2, H2O
and OH−, which are regarded as cathode reactions (Equations (16) and (21)) [34,35,47]. Be-
cause the H3O+ in the water is consumed in large quantities, it is conducive to the ionization
of water to move to the right to generate a large amount of OH−, which increases the pH of
the water film. A large amount of OH− is not only conducive to the dissolution of H2S in
LPG in the water film, improving the solubility of H2S, but is also conducive to the continu-
ous hydrolysis of H2S(l) and HS− in the water film to form a large amount of HS− and S2−,
which promotes the formation of lots of Cu2S precipitates. Thereby, the solubility of H2S in
the water film is further increased to promote the corrosion of copper by H2S. Figure 14a–c
are schematic diagrams of corrosion steps in LPG containing H2S + H2O + O2. Combined
with the previous theoretical analysis and Figure 14, it is shown that when both O2 and H2O
exist in LPG, the corrosion grade of copper will be significantly increased. A large amount
of Cu2S and Cu2O will be generated, which is consistent with the previous experimental
results of the synergistic effect of humidity and O2. Moreover, Cu2O is thermodynamically
more stable than Cu2S (the standard free energies of formation at room temperature for
Cu2O and Cu2S are −34.98 and −20.6 kcal/mole, respectively [27]), indicating that Cu2O is
preferentially formed at the same conditions. Therefore, the amounts of corrosion products
in Cu2O are more than Cu2S. This conclusion is consistent with the results of XRD and EDS.
In addition, a large amount of Cu2O in XPS and FTIR also proves it.

O2(g) 
 O2(l) (20)

O2 (l) + 2H2O + 4e− 
 4 OH− (21)

2Cu + 2OH− 
 Cu2O + H2O + 2e− (22)
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4. Conclusions

In this paper, the influence of humidity and O2 on copper corrosion in H2S-containing
LPG was studied. The corrosion products were characterized and analysed to reveal the
corrosion mechanism. The following conclusions were obtained:

1. In H2S-containing LPG, RH has pronounced influence on the corrosion grade of
copper. The variation in the CP with RH in LPG is a linear relationship.

2. The presence of O2 in dry H2S has limited influence on the corrosion of copper. The CP
decreases linearly with the increase in O2 concentration. In the presence of different
RHs, the CP always follows a negative exponential function with O2 concentration.

3. Surface morphologies of corrosion products obtained in different environments are
quite different. Gas humidity and the presence of O2 notably affect the microscopic
morphology of corrosion products. In individual H2S, the morphology of copper
corrosion products is a regular hexagon block with sharp edges and corners. In
H2S + H2O (100% RH), the morphology of copper corrosion products is uniform
spherical shape. In H2S + O2, the morphology of copper corrosion products is irregular
in shape and size. In H2S + H2O + O2, the morphology of the corrosion products is a
regular hexagon block with sharp edges and corners, spherical and irregular in shape
and size.

4. In H2S-containing LPG, RH and O2 have obvious influence on the composition and
distribution of corrosion products. In individual H2S, the corrosion product of cop-
per is only Cu2S. In H2S + H2O, corrosion products of copper are mainly Cu2S. In
H2S + O2, corrosion products of copper are composed of a large amount of Cu2S
and a small amount of CuO and Cu2O. In H2S + H2O + O2, corrosion products are
composed of a large amount of Cu2O, Cu2S and a small amount of CuO.

5. The corrosion mechanism of copper in LPG in the presence of different corrosive gases
was proposed. The corrosive gas influences the corrosion mechanism remarkably. In
individual H2S and H2S + O2, the corrosion process is chemical in nature. H2S and O2
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react with copper directly at the interface. The corrosion mechanism of copper in LPG
containing H2S + H2O and H2S + H2O + O2 is an electrochemical corrosion process.
In H2S + H2O, the corrosion proceeds with an anodic reaction of copper oxidization
and a cathodic reaction of traditional hydrogen depolarization. In H2S + H2O + O2,
two different electrochemical reactions happen: one is the same as in H2S + H2O, and
the other electrochemical reaction displays as the corrosion of O2 in neutral medium,
in which the cathodic process is oxygen depolarization.
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Abstract: The layer-by-layer process of additive manufacturing (AM) is known to give rise to high
thermal gradients in the built body resulting in the accumulation of high residual stresses. In
the current study, a numerical investigation is conducted on the effect of residual stresses on the
mechanical properties of IN718 triply periodic minimal surface (TPMS) lattices fabricated using the
selective laser melting (SLM) process for different relative densities. The AM simulation of four
different sheet- and ligament-based TPMS topologies, namely, Schwarz Primitive, Schoen Gyroid,
Schoen IWP-S, and IWP-L, are performed using a sequentially coupled thermomechanical finite
element model to evaluate the thermal histories and residual stress evolution throughout the SLM
process. The finite element results are utilized to obtain the effective mechanical properties, such
as elastic modulus, yield strength, and specific energy absorption (SEA), of the TPMS lattices while
accounting for the residual stress field arising from the SLM process. The mechanical properties are
correlated to relative density using the Gibson–Ashby power laws and reveal that the effect of the
residual stresses on the elastic modulus of the as-built TPMS samples can be significant, especially for
the Schwarz Primitive and Schoen-IWP-L TPMS topologies, when compared to the results without
accounting for residual stresses. However, the effect of the residual stresses is less significant on
yield strength and SEA of the TPMS samples. The work demonstrates a methodology for numerical
simulations of the SLM process to quantify the influence of inherited residual stresses on the effective
mechanical properties of complex TPMS topologies.

Keywords: residual stresses; additive manufacturing; selective laser melting (SLM); finite element
modeling (FEM); triply periodic minimal surface (TPMS)

1. Introduction

Over the past couple of decades, advancements in additive manufacturing (AM) have
enabled the fabrication of complex lattice structures including the triply periodic minimal
surface (TPMS) [1,2], but these structures are difficult to produce with conventional manu-
facturing methods due to the associated high cost and low efficiency [3]. TPMS structures
are three-dimensional open-celled structures composed of one or more repeating unit
cells in an orderly pattern [4]. These structures have a high specific strength and stiffness,
and a high surface-area-to-volume ratio, which are features desired in many mechanical
applications [5,6]. However, due to the sequential layer-by-layer nature of the selective
laser melting (SLM) process, part of the heat is absorbed during melting of the powder
layer and part of the heat is conducted to the already solidified layers below and through
convection to the surroundings. This cyclic nature of thermal loads leads to a transient
change in temperature. The steep thermal gradients induce a strain mismatch between the
newly formed layers and pre-solidified layers beneath during heating and cooling cycles,
resulting in the accumulation of residual stresses [7]. The inherited residual stresses in SLM
are known to affect the dimensional accuracies and shape of the parts, contributing to crack
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formation and delamination of layers. Additionally, residual stress drastically affects the
fatigue life and the loading capacity of the parts [8,9]. Hence, quantifying residual stresses
arising from the SLM process is becoming more critical. Depending on the magnitude
of the residual stresses and their effect, they can be classified as type I, II, or III residual
stresses [10]. Type I residual stresses act over larger length scales, e.g., macroscale, due to
nonuniform heating and cooling rates throughout the AM process, which can result in non-
negligible deformations. Type II stresses that act at the microstructural level, e.g., grain size
level, can occur due to phase transformation in the material at the microscale, while type III
stresses exist over atomic scales caused by dislocation and point defects. The focus of the
current study is macroscopic residual stresses of type I. As the SLM process involves many
process parameters, experimentally evaluating residual stresses is time-consuming [11,12],
and hence, numerical analysis based on the finite element method (FEM) is an efficient way
simulate the thermomechanical behavior and quantify the residual stresses during the SLM
process. The most widely used thermomechanical approach is the indirect sequentially
coupled analysis that is performed in two stages. First, a transient temperature field of the
built part is simulated, and the temperature results are then used to perform the mechanical
analysis. This method is computationally less expensive compared to fully coupled analysis
in which the temperature and displacement degrees of freedom are solved simultaneously
and updated for each time increment [13]. An indirect coupling approach has been success-
fully used to investigate the AM process to predict residual stress formations and geometric
deformations to good accuracies [14–19].

Numerical methods based on finite element analysis (FEA) have been extensively
used alongside experiments to investigate the mechanical properties of TPMS structures
fabricated from the AM process [20–24]. Al-Rub et al. [25] used FEA to investigate the
effective anisotropic elastic and plastic properties along with the deformation mechanism
under different load combinations of Schoen’s IWP TPMS and proposed a cost-effective
finite-element simulation framework for the IWP structural system. Al-Ketan et al. [26]
studied the topology–property relationship of lattice structures based on the TPMS IWP
minimal surfaces, and FEA was used to investigate the stiffness and strength of differ-
ent relative densities of the TPMS structure along with experimental investigations. The
work showed that the sheet-based IWP lattice structure exhibited high structural efficiency
compared to other strut-based and skeletal-based lattice structures. Yang et al. [27] used
a numerical approach to quantify the influence of various geometric factors such as sur-
face thickness, sample size, and number of surface periods, etc., on the overall structural
response of gyroid structures. Lee et al. [28] investigated the mechanical properties and
deformation behavior under several different stress states of the Schwarz Primitive unit
cell under periodic boundary conditions. Zheng et al. [29] using the finite volume method
found that the mechanical properties are highly dependent on topological architectures of
TPMS structures. Abueidda et al. [30] in their work predicted and compared the electri-
cal/thermal conductivities, elastic properties, and anisotropies of different TPMS foams.
Maskery et al. [31] used FEA to predict the stress distribution in polymer-based TPMSs
under compressive loads with good agreement with experiments, and the investigation
also indicated that the cell geometry played a key role in determining the deformation
mechanism, failure modes, and the associated mechanical properties.

In general, FEA has been effectively used to investigate the elastic and plastic prop-
erties of TPMS structures; however, to the best of the authors knowledge, numerical ther-
momechanical analysis to quantify the effect of residual stresses inherited from the SLM
process on the effective mechanical properties of TPMS structures is a topic not addressed
in the literature. Hence, in this work, an FEA simulation scheme is proposed to evaluate
the residual stresses from the SLM process and to quantify its influence on the effective
mechanical properties of TPMS structures. Four different TPMS topologies are considered:
Schwarz sheet-based Primitive, Schoen sheet-based Gyroid, Schoen sheet-based I-WP, and
ligament-based I-WP (henceforth referred to P-S, G-S, IWP-S, and IWP-L, respectively).
Inconel 718 (IN718), which is a commonly used grade for metallic 3D printing, is considered
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as the base material, and the effective mechanical properties from the thermomechanical
simulations of the AM-built TPMS lattices are compared with their reference counterparts,
i.e., lattices without residual stresses.

2. Modeling Framework

Figure 1 shows a schematic representation of the AM process with governing thermal
conditions. Assuming a homogenous medium with isotropic thermal properties, e.g., no
spatial change in thermal conductivity of the material, the transient temperature distri-
bution T (x, y, z, t) throughout the workpiece during the SLM process is governed by the
following three-dimensional thermal transient conduction equation:

k(T) ∇2T + Q = ρ Cp(T)
∂T
∂t

(1)

where Cp is the temperature-dependent specific heat capacity, ρ is the density, T is the
temperature, t is the time, Q is the internal heat generation rate, and k is the temperature-
dependent thermal conductivity of the isotropic material. The initial and final (e.g., cool-
ing stage) thermal condition for temperature distribution throughout the powder bed is
given by

T(x, y, z, t = 0) = T0, T(x, y, z, t = ∞) = T0 (2)

where T0 = 22 ◦C corresponds to room temperature. The base of the substrate is preheated
and subjected to a temperature of 100 ◦C during the build stage and is brought back to
room temperature during the cooling phase. The boundary conditions for all other surfaces
are assumed to be under heat loss to the surrounding gas by free air convection with a heat
transfer coefficient, h = 1 × 10−5 W/mm2 ◦C.

Figure 1. Representation of the AM process with thermal conditions.

The layer-by-layer formation during the SLM process gives rise to large thermal
gradients in parts, which, in turn, leads to the accumulation of residual stress and strain
during the solidification phase. The related stress and strain in the parts are associated
with the following equation:

{σ} = [D]{εe} (3)

where {σ} is the stress vector, [D] is the elasticity stiffness matrix, and {εe} is the elastic strain
vector. Using a simplified elastic–plastic hardening model, {εe} can be expressed as:

{εe} = {ε} − {εp} −
{

εt} (4)

where ε is the total strain vector, {εp} is the plastic strain vector, and {εt} is the thermal strain
vector. Using Equation (4) in Equation (3) may be written as follows:

{ε} = [D]−1{σ}+ {εp}+
{

εt} (5)
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For isotropic material, the above stress–strain relationship can be elaborated in Carte-
sian co-ordinates as follows [32]:

εx =
1
E
[
σx − v

(
σy + σz

)]
+ ε

p
x + εt (6)

εy =
1
E
[
σy − v(σx + σz)

]
+ ε

p
y + εt (7)

εz =
1
E
[
σz − v

(
σx + σy

)]
+ ε

p
z + εt (8)

γxy =
τxy

2G
+ γ

p
xy , γxz =

τxz

2G
+ γ

p
xz , γyz =

τyz

2G
+ γ

p
yz (9)

where E is the elastic modulus; G is the shear modulus; ν is Poisson’s ratio; τxy, τxz, and
τyz are the shear stress components; γxy, γxz, and γyz are the corresponding shear strain
components. The thermal strain component arising due to volume change caused by
temperature variations can be expressed as follows:

εt = αe∆T = αe
(
T − Tre f

)
(10)

where αe is the coefficient of thermal expansion, T is the instantaneous temperature, and Tref
is the reference temperature with respect to time at t = 0. The deviator stresses according to
the Prandtl–Reuss equation of plasticity can be represented as follows:

dε
p
x

σ′x
=

dε
p
y

σ′y
=

dε
p
z

σ′z
=

dγ
p
xy

τxy
=

dγ
p
yz

τyz
=

dγ
p
zx

τzx
= dλ (11)

σ′x = σx − σm , σ′y = σy − σm , σ′z = σz − σm (12)

where σ′x, σ′y, and σ′z are the deviator stresses in the x, y, and z directions, respectively; dλ
is the instant positive constant of proportionality. Σm refers to the mean stress, which can
be evaluated as follows:

σm =
σx + σy + σz

3
(13)

Substituting the values of ε
p
x, ε

p
y, ε

p
z , and εt in Equations (6)–(9), the resultant equations

can be stated as below in Equations (14)–(17):

εx =
1
E
[
σx − v

(
σy + σz

)]
+
∫

σ′xdλ + αe∆T (14)

εy =
1
E
[
σy − v(σx + σz)

]
+
∫

σ′ydλ + αe∆T (15)

εz =
1
E
[
σzy − v

(
σx + σy

)]
+
∫

σ′zdλ + αe∆T (16)

γxy =
τxy

2G
+
∫

τxydλ, γxz =
τxz

2G
+
∫

τxzdλ, γyz =
τyz

2G
+
∫

τyzdλ (17)

Finally, the Von Mises stress σm is computed as follows:

σm =

√
1
2
[
(
σx − σy

)2
+
(
σy − σz

)2
+ (σz − σx)

2 + 6
(
τ2

xy + τ2
yz + τ2

zx
)
] (18)

where σx, σy, and σz are the x, y, and z components of stress, respectively.

2.1. Material

Temperature-dependent physical and thermal properties of Inconel 718 (IN718) in-
cluding density ρ, specific heat Cp, and thermal conductivity k are used as input properties
to perform the transient thermal analysis. For the transient mechanical analysis, the
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temperature-dependent elastic modulus E, yield strength σy, Poisson’s ratio ν, plastic
tangent modulus ET, and coefficient of thermal expansion α are used.

The stress–strain curves of IN718 at various temperatures are shown Figure 2a, per-
taining to stress normalized with the yield strength (σy0) at room temperature (T0). The
evolution of the temperature-dependent thermal, physical, and mechanical properties is
shown in Figure 2b,c, respectively, where the properties are normalized with their corre-
sponding value at room temperature, and the temperature is normalized with the melting
temperature value of IN718 (e.g., Tm = 1260 ◦C). The corresponding properties at room
temperature for IN718 are provided in Table 1.

Figure 2. Normalized temperature-dependent properties for IN718: (a) stress–strain curves,
(b) mechanical properties, and (c) thermal and physical properties.
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Table 1. IN718 physical, mechanical, and thermal material properties at room temperature (T0) [33].

Property Value

Density ρ0 (kg/m3) 8220
Specific heat Cp0 (J/kg ◦C) 421
Conductivity k0 (W/m ◦C) 11.9

Yield strength σ0 (MPa) 648
Poisson ratio ν0 0.3

Thermal expansion α0 (◦/C) 1.44 × 10−5

Young’s modulus E0 (GPa) 165

2.2. Design of Triply Periodic Minimum Surfaces (TPMS)

In TPMS structures, the mean curvature of a minimal surface is zero at every point and
periodic in the three perpendicular directions. Table 2 provides the level-set approximations
for the TPMS surfaces used in this work (P-S for Schwartz Primitive, G-S for Schoen
Gyroid, and IWP for Schoen I-wrapped package) for generating the lattices in terms of
local Cartesian coordinates, x, y, and z, and a specified level-set constant, c. A detailed
design process for creating TPMS topologies was covered in the work by Al-Ketan and Abu
Al-Rub [4]. Furthermore, Al-Ketan and Abu Al-Rub [34] developed a free software called
MSLattice for generating TPMS-based lattices of either sheet-network type or ligament-
network type. In sheet-network TPMS lattices, the level-set parameter c is set to zero
such that the minimal surface splits the 3D space into two domains of equal volumes, and
the relative density is varied through the thickening of the minimal surface, whereas, in
ligament-network TPMS lattices, the level-set parameter c is used to control the proportion
volumes of the two domains split by the minimal surface such that the smaller volume is
solidified (e.g., for c = 0, the relative density is 50%). For this study, TPMS lattice structures
shown in Figure 3 are investigated, where P-S, G-S, and IWP-S are sheet-based TPMS
structures, while IWP-L is a ligament-based TPMS lattice. Three relative densities (ρ = ρ/ρs)
of values 10%, 20%, and 30% of the mentioned TPMS structure are considered for this
study, where ρ is the apparent density of the lattice structure and ρs is the density of its base
solid material. The 3 × 3 × 3 cell configuration is selected for this study based on the yield
stress convergence studies performed using different cell configurations (e.g., 3 × 3 × 3,
4 × 4 × 4, 5 × 5 × 5, and 6 × 6 × 6) considered for the P-S (ρ = 20%) lattice structure, with
the method of evaluating yield strength as described in Section 2.4. As shown in Figure 4,
the normalized yield stress value of different cell configurations is compared with that
calculated from the equation by Lee et al. [28], which uses a unit cell P-S lattice structure
with periodic boundary conditions and assumes the base material to be an isotropic solid
with elastic modulus Es = 200 GPa, yield strength σs = 400 MPa, and Poisson’s ratio νs = 0.3.
Although it is observed that a higher cell configuration of 6 × 6 × 6 gives a value closer
to matching the results by Lee et al. [28], the time required to simulate such an AM build
configuration will be very large and with only a marginal gain in accuracy. Hence, to reduce
the overall computational time, the 3 × 3 × 3 cell configuration is used for simulating
residual stresses of the TPMS structures as well as their effective mechanical properties,
which is within a 2% agreement with the results in [28]. The TPMS lattices are designed
using the MSLattice, Al-Ketan and Abu Al-Rub (Abu Dhabi, UAE) simulation tool [34].

Table 2. Level-set equation for P-S, G-S, and IWP [4], where x, y, and z are Cartesian coordinates, and
c is the level-set constant that controls the thickness of TPMS surfaces.

TPMS Level-Set Equations

P-S cos x + cos y + cos z = c
G-S sin x cos y + sin y cos z + sin z cos x = c
IWP 2 (cos x cos y + cos y cos z + cos z cos x) − (cos 2x + cos 2y + cos 2z) = c
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Figure 3. TPMS unit cell topologies pertaining to, e.g., relative density of ρ = 10, with unit cell
dimensions of 10 mm × 10 mm × 10 mm.

Figure 4. Convergence study of normalized yield strength values for different cell configurations of
P-S (ρ = 20%) compared with calculated value from Lee et al. [28].

2.3. Residual Stress Simulation

A nonlinear transient thermal analysis of the layer-by-layer buildup of the process is
first performed to obtain the temperature histories during the melting and solidification
stages. This is followed by a transient elastic–plastic mechanical analysis, where the
transient temperature profile from the transient thermal analysis is used as input in the
mechanical model. Ansys-WB [33] provides the multiphysics capability for performing such
sequentially coupled thermomechanical analysis. The internal residual stress formation
occurs during the cyclic heating and cooling due to the layer-by-layer nature of the SLM
process and continually evolves during the process. The residual stress profile throughout
the part is attained after the final cooling phase to room temperature (e.g., 22 ◦C). The
baseplate removal option available in the simulation tool [33] is performed and the final
residual stress state of the build is used as the initial stress profile for evaluating the effective
mechanical properties of the TPMS samples.

The processing parameters used for performing the TPMS AM build simulation with
IN718 material are as follows: the laser scan speed is 1200 mm/s, the powder layer thickness
is 40 µm, and the preheat temperature of the IN718 base plate is set to 100 ◦C and switches
to room temperature during the cooling phase after completion of the build, where build
supports are not considered for this study. The simulation is performed on the four TPMS
topologies considering three different relative densities, e.g., ρ = 10%, 20%, and 30%. The
AM simulation tool performs a thermal analysis followed by a quasi-static elastic–plastic
mechanical analysis. The thermal analysis records the temperature histories of elements
activated layer-wise using the element birth and death technique until completion of the
build and cooling to room temperature; this layer-wise activation is illustrated in Figure 5,
e.g., the first element layer (highlighted in purple) is activated for deposition while the rest
of the element layers above represent the material to be deposited and are to be activated
in subsequent stages. The thermal histories are then used as input for mechanical analysis
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to evaluate the stresses by layer-wise activation in a similar pattern as in the thermal
analysis, and the stress state at the cooling of the build is calculated. As modeling every
physical layer of deposition is computationally expensive and impractical, a simplified
lumped-layer approach is used in which activation of each finite element layer accounts
for the deposition of several layers of actual metal powder at once [33]. Incorporating
this approach, the TPMS lattice is modeled with hexahedral elements (e.g., HEX8) with
an element layer height of 0.4 mm as per the size range (i.e., 10~20 times the powder
layer) [33]; thus, for this work, a total build height of 30 mm will have 75 element activation
layers corresponding to 750 physical layers of actual metal powder, where the base plate
(50 mm × 50 mm × 10 mm) uses a coarser mesh size of 5 mm. The meshed models for the
four TPMS lattice structures are shown in Figure 6, pertaining to relative density ρ = 10%,
with a total number of elements in the range of 250,000 to 600,000 for different relative
densities of the TPMS lattice.

Figure 5. The illustration shows the activation of the first layer of elements (highlighted in purple
color) for deposition; the rest of the layers above are in the deactivated state representing the material
to be deposited.

Figure 6. 3 × 3 × 3 cell configuration FEA models used for AM buildup simulation on an IN718
baseplate: (a) P-S (b) G-S (c) IWP-S, and (d) IWP-L.
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The various stages of build formation during the thermal analysis are consolidated and
shown in Figure 7a–f pertaining to the P-S lattice structure (ρ = 10%) through the built stage,
e.g., build height zbh. The thermal analysis terminates after the cooling phase when the part
cools to room temperature (22 ◦C). Similarly, layer-by-layer simulation is performed during
transient structural analysis using temperature histories, and the final vector principal
stress on the nodes is grouped and exported to be used as an input as pre-stress to evaluate
the mechanical properties during tensile and compression loading simulation.

Figure 7. Various stages of 3 × 3 × 3 AM buildup simulation for P-S (ρ =10%) for build height:
(a) zbh = 5 mm, (b) zbh = 10 mm, (c) zbh = 15 mm, (d) zbh = 20 mm, (e) zbh = 25 mm, and (f) zbh = 30 mm
at completion of build.

2.4. Mechanical Simulation

The final stress state evaluated from the AM simulation is imported as the initial
residual stresses field for investigating the mechanical properties of the corresponding
TPMS lattices under tensile and compressive loading. The mechanical properties of the
TPMS are determined considering uniaxial tensile and compression loading in the build
direction (z-direction). The finite element model uses a tetrahedral element with a mesh size
of 0.25 mm from mesh convergence studies performed for estimating the yield strength of
the configuration of the P-S (ρ = 20%) lattice structure, and a bilinear elastic-plastic material
model with linear plastic hardening is used for all mechanical simulations. Figure 8 shows
the representation of the tensile and compression loading case and symmetric boundary
conditions in the z-direction applied on the base plane for a P-S lattice structure. In the
mechanical simulation, all six components of the stress tensor are mapped onto the nodes
of the FE model as initial conditions. A displacement load in the z-direction is applied to
the top surface of the lattice, with a magnitude of ∆ = ±3 mm in tension or compression,
respectively, which corresponds to a total normal average strain of 10%. This is applied
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via a remote reference point coupled to the top built surface [33]. The reaction force at the
remote node is monitored to obtain the uniaxial stress–strain response during the loading
of the TPMS lattices, where the uniaxial stress is defined as the ratio between the reaction
force and the area of the TPMS lattice (30 mm × 30 mm). The yield strength is determined
from the stress–strain response through the 0.2% offset strain method, whereas the elastic
modulus in tension and compression is evaluated from the slope of the stress–strain curves
in the elastic region. The uniaxial tensile and compression loading simulations are also
performed incorporating the effect of the full-field residual stress profile imported from the
AM simulation (c.f., Figure 10) and the results are compared with the case without residual
stresses as the initial condition for all the TPMS lattices and relative densities.

Figure 8. FE model of P-S pertaining to ρ = 10% with uniaxial loading and symmetric BC.

3. Results and Discussion

To verify the modeling framework proposed herein and the residual stress results, the
current simulation approach of layer-wise activation described in Section 2.3 is compared
with a case of experimentally measured residual stress by An et al. [35] on a curved
thin-walled plate, for which the details are presented in Appendix A.

For the TPMS lattice structures and for their three relative densities, the evolution
of stresses for the total build height of the samples is shown in Figure 9. The stress is
calculated by determining the reaction force of the constrained base nodes in the build
direction (z-direction) over its projected base area (30 mm × 30 mm). This provides a
measure of the level of the stress in the build direction, which, as can be seen in Figure 9,
is compressive in nature during the build-up stage, with an increase in magnitude as the
relative density increases. The stress level during the build-up stage is observed to be
higher in G-S and IWP-S lattice structures as compared to P-S and IWP-L for the same
densities. In Figure 10, which shows the Von Mises residual stress contours for all TPMS
lattices at relative density ρ =10%, the color contours are unified and used within the same
limits for comparison purposes. As evident, the residual stress profiles differ for each TPMS,
and hence, its effect on the effective mechanical properties will vary for each topology. It is
also interesting to note that the residual stresses are nonuniformly distributed through the
printing z-direction. The predicted stress values are higher in magnitudes than the initial
yield stress of the material (e.g., 648 MPa). This is expected as the finite element model
used in the current study does not consider the convective heat transfers in the molten pool;
hence, computed peak temperatures and temperature gradients are slightly overestimated
and consequently higher residual stress values are determined [36].
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Figure 9. Stress evolution in build direction during the build height (30 mm) of TPMS for various
relative densities: (a) PS, (b) G-S, (c) IWP-S, and (d) IWP-L.

Figure 10. Von Mises residual stress field in the TPMS lattices build of ρ = 10%: (a) P-S, (b) G-S,
(c) IWP-S, and (d) IWP-L.
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3.1. Stress–Strain Curves

The uniaxial tensile and compression stress–strain curves for all four TPMS lattices
and the three relative densities considered are shown in Figures 11–13, both for the cases
with and without the incorporation of residual stress effects from the AM process. As
can be seen for P-S in Figures 11a, 12a and 13a, the effect of the residual stress on both
stiffness and onset of yielding is notable, especially under compression loading. This is
attributed to the high level of residual stresses present in the P-S topology, as shown in
Figure 10a, as compared to the G-S and IWP-S in Figure 10b,c, respectively. A similar trend
in the influence of the residual stresses on the mechanical response can be observed in
Figures 12d and 13d for IWP-L, which is also attributed to the level of residual stresses
associated with the IWP-L topology, as shown in Figure 10d. For all the sheet-based TPMS
topologies, e.g., P-S, G-S, and IWP-S, subjected to compression loading, e.g., Figure 11a–c,
softening is observed beyond the point of onset of yielding, especially for ρ =10%, which
is associated with localized deformation and buckling of the TPMS walls. This trend
diminishes as ρ increases; however, the difference in mechanical response between the
compression and tension loading persists for all ρ. At large deformations, e.g., strain values
larger than 2%, it is observed that the mechanical response of all the TPMS topologies
and for all relative densities is not affected by the presence of residual stress, neither for
compression nor tension loading.

Figure 11. The stress–strain curve for tension/compression loading for ρ = 10% with and without
residual stress: (a) P-S, (b) G-S, (c) IWP-S, and (d) IWP-L.

Figure 12. Cont.
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Figure 12. The stress–strain curve for tension/compression loading for ρ = 20% with and without
residual stress: (a) P-S, (b) G-S, (c) IWP-S, and (d) IWP-L.

Figure 13. The stress–strain curve for tension/compression loading for ρ = 30% with and without
residual stress: (a) P-S, (b) G-S, (c) IWP-S, and (d) IWP-L.

3.2. Effective Elastic Modulus and Yield Strength

The elastic modulus and yield strength of the different TPMS lattices for the three different
densities considered are extracted from the stress–strain curves, for both tension and com-
pression loading, with and without the residual stress effects. The Gibson–Ashby power
law is used to correlate Young’s modulus E and yield strength σ to relative densities ρ of
TPMS structures and is given by the following equations [37];

E/E0 = C1 (ρ)
n (19)

σ/σ0 = C2 (ρ)
m (20)

where E0 and σ0 correspond to the Young’s modulus and yield strength of the solid base
material at room temperature (e.g., see Table 1), while E and σ are the elastic modulus and
yield strength of the lattice at a relative density ρ, C1 and C2 are the scaling coefficients, and
n and m are the scaling exponents of the fitting curves.

The normalized Young’s modulus (E/E0) and normalized yield strength (σ/σ0) values for
different relative densities are shown in Figures 14 and 15, respectively. The elastic modulus
and yield strength of the lattice structures increase with the increase in relative densities for all
TPMS structures, as expected. Considering the effect of residual stresses, e.g., Figure 14, the
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TPMS accounting for residual stresses shows a lower elastic modulus in the build z-direction
compared with the reference TPMS without residual stresses. The effect of residual stress is
most prominent on the sheet-based TPMS P-S in Figure 14a and the ligament-based IWP-L in
Figure 14d. There is also a notable difference in stiffness under compression and tension loading.
However, as seen in Figure 15, there is an insignificant effect of the residual stress on the yield
strength in the build z-direction. Figures 16 and 17 show the amount of reduction (%) in Young’s
modulus due to the effect of residual stress in tensile and compressive loading, respectively. In
tensile loading, the amount of reduction in elastic modulus due to residual stress is observed
to be more prominent (>25%) in IWP-L for all relative densities, and for P-S structures, a
reduction of more than 15% is observed at higher relative density, and the percentage reduction
in elasticity was observed to be least in the case of IWP-S. For the compressive loading case, the
reduction in elastic modulus is less prominent for IWP-L compared to in tensile loading and a
very nominal reduction in elastic modulus is found in the case of G-S and IWP-S lattices due to
residual stress. However, the P-S structure showed almost the same amount of reduction in
elastic modulus compared to the tensile loading case. The power law coefficient and exponents
of the scaling laws in Equations (19) and (20) for elastic modulus and yield strength for the
four TPMS topologies are given in Table 3. The effect of the residual stress can be realized
from the values of the fitting constant and exponent C1 and n, respectively, on the elastic
modulus, and similarly for the effect of indicating distinctly different values, especially for the
IWP-L topology. The nature of elastic deformation behaviors of the TPMS structures under
tensile/compression loading can be best explained using the exponent value n of the power law
in Equation (19) [38]. From the n exponent values of the respective TPMS in Table 3, in uniaxial
tensile and compression loading, the sheet-based P-S, G-S, and IWP-S structures show a mixed
mode of deformation (e.g., 1 < n < 2), although stretching may be more pronounced, while the
ligament-based IWP-L lattice shows a predominantly bending behavior (n ≥ 2), indicating
that deformation behavior is strongly related to the topology of the TPMS. These observations
agree well with the behavior reported in the literature on TPMSs [26,39]. In addition, it can
be observed that due to predominantly bending behavior, the IWP-L shows less mechanical
stiffness and strength compared to the sheet-based TPMS of the same relative densities as
indicated by the respective values of magnitude in Figures 14 and 15.

Table 3. Scaling law parameters, normalized young’s modulus, and yield strength.

P-S
Young’s Modulus Yield Strength

G-S
Young’s Modulus Yield Strength

C1 n C2 m C1 n C2 m

Tension 0.34 1.45 0.76 1.33 Tension 0.29 1.33 0.68 1.29

Tension
(residual stress) 0.26 1.38 0.72 1.30 Tension

(residual stress) 0.22 1.25 0.67 1.29

Compression 0.34 1.47 0.74 1.36 Compression 0.29 1.35 0.60 1.20

Compression
(residual stress) 0.28 1.46 0.70 1.33 Compression

(residual stress) 0.27 1.32 0.60 1.20

Lee et al. [28] 0.61 1.57 0.79 1.36 Al-Ketan et al. [23] 0.51 1.38 0.44 1.24

IWP-S
Young’s Modulus Yield Strength

IWP-L
Young’s Modulus Yield Strength

C1 n C2 m C1 n C2 m

Tension 0.36 1.27 0.76 1.20 Tension 0.72 2.41 1.26 2.13

Tension
(residual stress) 0.33 1.25 0.77 1.20 Tension

(residual stress) 0.51 2.40 1.27 2.13

Compression 0.38 1.33 0.75 1.20 Compression 0.72 2.43 1.27 2.13

Compression
(residual stress) 0.36 1.32 0.76 1.20 Compression

(residual stress) 0.61 2.41 1.23 2.11

Al-Ketan et al. [26] 0.79 1.48 0.69 1.24 Al-Ketan et al. [26] 1.28 2.64 1.05 2.14

110



Metals 2022, 12, 1344

Figure 14. Effect of residual stresses on the normalized Young’s modulus (E/E0) with respect to
relative density ρ: (a) P-S, (b) G-S, (c) IWP-S, and (d) IWP-L.

Figure 15. Effect of residual stresses on the normalized yield strength (σ/σ0) with respect to relative
density ρ: (a) P-S, (b) G-S, (c) IWP-S, and (d) IWP-L.
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Figure 16. The reduction in Young’s modulus in percentages for tensile loading for all TPMSs and
their relative densities.

Figure 17. The reduction in Young’s modulus in percentages for compressive loading for all TPMSs
and their relative densities.

3.3. SEA Simulation

The specific energy absorption (SEA) value is defined as the energy absorbed by
a material under uniaxial compression, normalized by its density, and involves large
deformation up to the point of densification of the lattice structure. The objective here is to
investigate the effect of the residual stress on the SEA capacity. The SEA is expressed as

SEA =
1
ρ

∫ εD

0
σ dε (21)

where σ is the compressive stress, ε is the compressive strain, and εD is the densification
strain. The full-scale FEA models of the two TPMS configurations shown in Figure 18 are
subjected to compressive loads to investigate the SEA value with and without accounting
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for residual stresses for different relative densities. The lower rigid plate is fixed, whereas
the upper rigid plate is given a prescribed total displacement of ∆ = 15 mm, corresponding
to a total compressive strain of 50% in the build z-direction. A general contact interaction is
defined between the upper and lower rigid plates, and the TPMS lattice with a frictional
coefficient of 0.1 and the self-contact between surfaces of the TPMS are assigned a friction
coefficient of 0.2.

Figure 18. Equivalent plastic strain (PEEQ) contour plots at 50% deformation P-S with: (a) ρ = 10%
and (b) ρ = 20%.

Figure 18 shows the equivalent plastic strain (PEEQ) for the P-S lattice for ρ = 10%
and 20%. The reaction force on the upper rigid plate is obtained from which the effective
compressive stress over the lattice is determined for both the cases with and without
residual stresses accounted for. As shown in Figure 19, there is a change in elastic modulus
as observed in previous sections due to residual stress; however, beyond the yield region,
the stress–strain response reveals that the effect of the residual stresses is insignificant
on the SEA capacity of the lattice structure, and is found to be same as compared to the
reference TPMS, e.g., without residual stresses.

Figure 19. Stress–strain compression response for P-S lattice of ρ = 10% and 20%, with and without
the effect of residuals tresses.

4. Conclusions

The effective mechanical properties such as elastic modulus, yield strength, and
SEA of four TPMS structures with varying relative densities (ρ = 10%, 20% and 30%) are
investigated considering the influence of residual stress evaluated from the SLM process
through sequentially coupled thermomechanical simulations. When incorporating the
residual stresses arising from the SLM process, the effective elastic modulus of all TPMS
lattices in the build direction is lower in comparison with the reference TPMS in which
the residual stresses are not accounted for. The decrease in stiffness is more prominent
in sheet-based P-S and ligament-based IWP-L due to the higher accumulation of residual
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stress, and a stiffness reduction of more than 25% is observed in IWP-L. In addition, the
fitting constant and exponent C1 and n, respectively, in the Gibson–Ashby power law show
distinctly different values, especially for the IWP-L topology, indicating the influence of
residual stress on the elastic modulus of the TPMS. The sheet-based TPMS (P-S, G-S, and
IWP-S) with a relative density of 10% show softening behavior beyond the yield region in
compression loading, while for higher densities of all TPMSs, the tensile and compression
behaviors show consistent hardening. The influence of residual stresses on yield strength
and SEA is insignificant in the build direction for all TPMSs, indicating that residual stresses
have little effect beyond the yield region in both compression and tension loading.

The findings with regard to the variation in stiffness due to residual stress inherited
from the SLM process are significant as stiffness is known to considerably affect the vi-
bration and fatigue properties of parts and hence needs to be accounted for in any design
process. Further investigations for the anisotropic behavior of the TPMS structures consid-
ering the loading in other directions, the effect of various scanning strategies and post-heat
treatment procedures on residual stress mitigations in TPMS lattices, and its influence on
mechanical properties may be undertaken.
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Appendix A. Verification of Residual Stresses

For verification of residual stress values obtained through the simulations in the
current study, experimentally measured values from the published literature [35] are
used. The referenced work uses the neutron diffraction method to measure the inherited
residual stress in a curved thin-walled plate fabricated through a metallic LPBF process.
Figure A1a shows the geometric dimensions of the build made of Inconel 625 (IN625)
material grade deposited on a stainless-steel base plate. The example case selected for
comparison is deposited in a vertical orientation with a powder layer thickness of 30 µm.
The simulation model uses an element layer height of 0.3 mm as per the recommended size
range mentioned in Section 2.3, and a coarse mesh size of 2 mm is used for the baseplate.
The location of the residual stress measurement path (e.g., T1) is at mid-height of the build
indicated by the red dotted line shown in Figure A1a. Figure A1b depicts the comparison
of stress component σz in the build direction along path T1, with markedly good agreement
between the simulation results and the experimental measurements.
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Figure A1. Sample used for comparison with current simulation study: (a) geometric dimension of
the curve plate and stress measurement location (T1) indicated by red dotted line; (b) comparison of
simulated residual stress component σz with experimental measurements from literature [35].
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Abstract: A Chinese superalloy, GH4099 (~20 vol.% γ′ phase), which can operate for long periods
of time at temperatures of 1173–1273 K, was fabricated by electron beam melting (EBM). Argon gas
atomized (GA) and plasma rotation electrode process (PREP) powders with similar composition and
size distribution were used as raw materials for comparison. The microstructure and mechanical
properties of both the as-EBMed and post-treated alloy samples were investigated. The results show
that the different powder characteristics result in different build temperatures for GA and PREP
samples, which are 1253 K and 1373 K, respectively. By increasing the building temperature, the EBM
processing window shifts towards a higher scanning speed direction. Microstructure analysis reveals
that both as-EBM samples show a similar grain width (measured to be ~200 µm), while the size of γ′

precipitated in the PREP sample (~90 nm) is larger than that of the GA sample (~130 nm) due to the
higher build temperature. Fine spherical γ′ phase precipitates uniformly after heat treatment (HT).
Furthermore, intergranular cracking was observed for the as-fabricated PREP sample as a result of
local enrichment of Si at grain boundaries. The cracks were completely eliminated by hot isostatic
pressing (HIP) and did not re-open during subsequent heat treatment (HT) of solution treatment
and aging. The tensile strength of the PREP sample after HIP and HT is ~920 MPa in the building
direction and ~850 MPa in the horizontal direction, comparable with that of the wrought alloy.

Keywords: Ni-based superalloys; electron beam melting; additive manufacturing; Argon gas atomized;
plasma rotation electrode process; powder characteristics

1. Introduction

Additive manufacturing (AM) is one of the major driving innovations in different
industries. Typically, AM is a powerful tool for the aerospace industry [1–3]. Powder bed
fusion (PBF) additive manufacturing, including both selective laser melting (SLM) and
electron beam melting (EBM), does not require structural supports, which can optimize
the AM building process. In addition, PBF techniques offer higher precision compared
with other AM techniques [3]. Recent literature demonstrates that several materials were
successfully fabricated by SLM, including 17-4 Ph steel [4], 316 L stainless steel [5], and
Ti6Al4V [6,7]. Compared with SLM, the major feature of EBM is the preheated powder bed,
which helps alleviate thermal stress during rapid solidification.

Ni-based superalloys are widely used in hot sections in the aerospace industry for their
excellent high temperature mechanical properties and oxidation/corrosion resistance [8].
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Both SLM and EBM have been utilized for fabricating complex superalloy parts [9,10].
Several previous works have demonstrated the feasibility of fabricating dense and crack
free superalloys with a tailored microstructure [11–16]. An ultra-fine crystallographic
grain structure was commonly observed in the SLMed superalloys, owing to the rapid
solidification rate and high temperature gradients within the micro melt pool. By contrast,
coarser columnar grains were usually formed in the EBMed superalloys under preheated
conditions [9,17]. Particularly, by carefully controlling the process parameters, a columnar
to equiaxed (CET) transition of grains was realized [18–21]. It has also been demonstrated
that the mechanical properties of some AM superalloys are comparable to those of wrought
and cast superalloys [22,23].

According to the content of Al and Ti, superalloys can be divided into two categories,
weldable or nonweldable [12,13,24]. The level of Al + Ti determines the volume fraction of
γ′ precipitates within the superalloy, which plays an important role in the high-temperature
strength and creep resistance [23,25,26]. Unfortunately, superalloys with high amount of γ′

precipitates are considered to be difficult to weld because of their high tendency to crack,
particularly as a result of the phenomenon of hot cracking [11,27]. Current SLM and EBM
are developed based on welding technologies. However, the processing of nonweldable
superalloys brings challenges to AM.

Some recent published works have focused on the cracking mechanisms of AM non-
weldable superalloys. It was revealed in Ref. [27] that the hot cracking behavior is attributed
to the presence of a liquid film during the last stage of solidification and thermal stresses.
A correlation between cracks and high angle grain boundaries (HAGB) was identified. It
was also confirmed by atom probe tomography (APT) that a local enrichment of minor
element B at the grain boundaries was responsible for the formation of a liquid film at
HAGB [27]. Further works performed by Körner [23] and Martin [15] demonstrated the
feasibility of producing single crystal superalloy by EBM, in which crack free samples
of a nonweldable Ni-based superalloy were successfully obtained by eliminating grain
boundaries via competitive grain growth. A very recent work proposed the atomic-grain
boundary design [11]. Although these innovative results have aroused widespread in-
terest in the additive manufacturing of superalloys, hot cracks yielded in polycrystalline
nonweldable superalloys (columnar or equiaxed grain structure) remain unresolved.

Decreasing the level of γ′ precipitates in the nonweldable superalloy can reduce the
cracking tendency significantly. However, a proper amount of γ′ precipitates is desirable for
adequate mechanical strength. For certain high-temperature applications, the amount of γ′

precipitates should be optimized to achieve the best balance of strength and weldability. An
example of this is the relatively newly designed γ′-strengthened superalloy, HAYNES 282,
which was developed for applications in both aero and land-based gas turbine engines [28].
The total γ′ forming elements (Al + Ti) content of HAYNES 282 is 3.7 wt.%, with the γ′

mole fraction of ~19%. The carefully selected γ′ precipitates level ensures the alloy has a
combination of satisfied mechanical properties and improved weldability, compared with
the typical non weldable superalloy.

In this work, a Chinese superalloy called GH4099 was fabricated by electron beam
melting. This alloy has a similar γ′ precipitates level with HAYNES 282, and can operate
for a long term at temperatures of 1173–1273 K. The objective of the following investigation
is to exhibit the influence of raw powder characteristics on the microstructure of the EBMed
superalloy. The mechanism of minor element Si on the cracking behavior was elucidated.
The evolution of cracks during heat treatment and mechanical properties of the samples
were also of concern.

2. Experiment
2.1. GH4099 Powders

Argon gas atomized (GA) and plasma rotating electrode process (PREP) GH4099
powders were used as raw material, which were provided by CASIC-Hunan and CISRI-
Gaona, China, respectively. The chemical composition of both GA and PREP powders
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were measured by inductively coupled plasma atomic emission spectroscopy (ICP-OES),
as shown in Table 1. The nominal composition of GH4099 specified by China Aeronautical
Materials Handbook is also listed in Table 2 for comparison. It can be seen that the two
powders were provided with similar composition, except for the fact that the Si content in
the PREP powders is almost one order of magnitude higher than that of the GA powder.
Note that the 0.285 wt.% of Si is quite close to the permissible limit of the composition
standard. Powder morphologies are shown in Figure 1. Both of the powders are spherical.
However, the presence of small satellites and micro particles can be observed for the GA
powders, compared with the perfectly smooth PREP powders. Figure 2 exhibits similar
size distribution curves for the two powders measured by a laser granulometry (Bettersize,
9300ST). The powder size ranges primarily between 45 µm and 140 µm, with an average
value of ~90 µm. The tap density of two powders was determined to be 4.53 g/cm3 and
4.89 g/cm3, respectively. Flow times of 16.4 s and 15.4 s were measured by a Hall flowmeter
(50 g, 2.54 mm orifice), see Table 3.

Table 1. Chemical composition of GA and PREP powders of GH4099 (wt.%).

Powder Type Element Content, wt.%

Cr Co W Mo Ti Al Fe Mn

Argon Gas
Atomized (GA)

18.21 6.44 5.88 4.00 1.29 2.03 <0.1 <0.005

Si C N O Ni

0.025 <0.1 0.005 0.008 Bal.

Plasma Rotating
Electrode Process (PREP)

Cr Co W Mo Ti Al Fe Mn

18.65 5.91 5.91 3.89 1.29 2.26 0.54 0.24

Si C N O Ni

0.285 <0.1 0.003 0.008 Bal.

Table 2. Nominal composition of GH4099 (wt.%).

Element Ni Mo Fe Cr W Al Ti

Content Bal. 3.50–5.00 ≤3.00 17.50–19.50 5.50–7.00 2.50–3.00 1.00–1.50
Element Co Si B Mn Cu Ce S/P
Content 5.00–8.00 ≤0.30 ≤0.005 ≤0.30 ≤0.070 ≤0.020 ≤0.015
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Table 3. Powder properties of two types of GH4099.

Powder SSA (m−2/kg) Flowability (s) Packing Density
(g/cm3)

D10
(µm)

D50
(µm)

D90
(µm)

GA 32.91 16.4 4.53 49.68 92.57 155.0
PREP 28.36 15.4 4.89 52.74 84.00 133.8

2.2. EBM Sample Fabrication

GH4099 superalloy samples were fabricated using an Arcam A2XX machine (Control
Software 3.2, Arcam, Stockholm, Sweden) in a manual mode. Figure 3a shows the schematic
diagram of one batch of as-EBM samples. Layers were scanned using a snake-like melting
strategy (i.e., either 0◦ or 90◦ hatch direction was used for each layer), as shown in Figure 3b.
A 10 mm thick stainless steel plate with a diameter of 150 mm was used as a starting plate.
No supports were applied for the EBM fabrication. One batch of the EBM fabrication
included 9 with each 20 value × 20 value × 30 value mm in X-Y-Z dimension. EBM process
windows were first established for the GA powders by using a range of scanning speed v
from 333–9000 mm/s, combined with a range of line offset Loff from 0.1–0.3 mm, followed
by the PREP powders. Three different beam current I values of 5 mA, 10 mA, and 15 mA
were selected. This resulted in equivalent area energy EA values ranging from 0.414 J/mm2

to 3 J/mm2. This resulted in equivalent area energy EA (EA = UI/(v·Loff), where U is the
operating voltage of 60 kV) values ranging from 0.414 J/mm2 to 3 J/mm2. A similar EBM
process window diagram was also established for the PREP powders. Detailed process
parameters are summarized in Table 4.

Table 4. Summary of the processing parameters of two types of GH4099 powders.

GA Powder PREP Powder

I
(mA)

v
(mm/s)

Loff
(mm)

EA
(J/mm2)

I
(mA)

v
(mm/s)

Loff
(mm)

EA
(J/mm2)

5 333 0.3 3.00 5 3250 0.1 0.92

5 500 0.2 3.00 5 4250 0.1 0.71

5 833 0.3 1.20 5 3750 0.1 0.80

5 1000 0.1 3.00 10 417 0.3 4.80

5 1666 0.15 1.20 10 625 0.2 4.80

5 3000 0.1 1.00 10 833 0.3 2.40

5 4500 0.1 0.67 10 1250 0.1 4.80
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Table 4. Cont.

GA Powder PREP Powder

I
(mA)

v
(mm/s)

Loff
(mm)

EA
(J/mm2)

I
(mA)

v
(mm/s)

Loff
(mm)

EA
(J/mm2)

10 833 0.3 2.40 10 1250 0.2 2.40

10 1250 0.2 2.40 10 1250 0.3 1.60

10 1250 0.3 1.60 10 1875 0.2 1.60

10 2000 0.1 3.00 10 2250 0.1 2.67

10 2500 0.1 2.40 10 2500 0.1 2.40

10 3000 0.1 2.00 10 3750 0.1 1.60

10 3500 0.1 1.71 10 4500 0.1 1.33

10 4000 0.1 1.50 10 6500 0.1 0.92

10 4500 0.1 1.33 10 8500 0.1 0.71

10 5000 0.1 1.20 10 9750 0.1 0.62

10 5500 0.1 1.09 10 10,500 0.1 0.57

10 6000 0.1 1.00 10 12,500 0.1 0.48

10 6500 0.1 0.92 10 14,500 0.1 0.41

15 1875 0.2 2.40 10 16,500 0.1 0.36

15 1500 0.1 6.00 10 18,500 0.1 0.32

15 2000 0.1 4.50 15 6750 0.1 1.33

15 2500 0.1 3.60 15 9750 0.1 0.92

15 3000 0.1 3.00 15 12,750 0.1 0.71

15 7500 0.1 1.20 15 2500 0.1 3.60

15 9000 0.1 1.00

15 9000 0.1 1.00
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The build temperature for the GA and PREP powders was determined to be 1253 K
and 1373 K, respectively, at which the powder bed was slightly sintered. The monitored
temperature was almost constant for the whole EBM fabrication process. The samples were
cooled slowly to room temperature after building.

2.3. Microstructural Characterisation

As-EBM samples were sectioned along the vertical plane, as illustrated in Figure 3c.
Standard metallographic procedures including grinding and polishing were performed. A
Gemini SEM 300 (Zeiss, Oberkochen, Germany) was used for scanning electron microscopy
(SEM) for microstructural observation. Chemical etchant for revealing the grain boundaries
was a solution of 4 g CuSO4, 100 mL HCl, and 100 mL H2O. The polished cross-sections
were electro-etched at 5 V for 6 s in a solution of 12 mL H3PO4, 40 mL HNO3, and 48 mL
H2SO4 to examine the γ′ precipitations. An electron-probe microanalyzer (EPMA) JXA-8100
(JEOL, Tokyo, Japan) was also employed to detect the minor element concentration at the
vicinity of a crack. One thing that should be mentioned is that in order to prevent element
contamination during sample preparation, the EPMA samples were cut by diamond wire,
ground by diamond abrasive papers, and polished by diamond slurry.

2.4. Post-Processing

The samples with internal cracks were healed by hot isostatic pressing (HIP, Model
QIH9, Quintus) at 1423 K, 150 MPa for 4 h, referred to as EBM+HIP condition. Selected
EBM+HIP samples were then subjected to a solution and aging heat treatment (HT). The
standard two-step treatment included 1453 K/2 h/AC (air cool) +1173 K/4 h/AC. This
condition is referred to as EBM+HIP+HT. The HT was performed in a horizontal tube
furnace in an air atmosphere. Throughout the HT process, a thermocouple was placed
next to the samples to monitor the temperature. It is worth noting that the purpose of
solution treatment is to make unevenly distributed γ′ precipitations further re-dissolved
into the γ′ matrix, i.e., the uniform precipitation of γ′ phases, and to readjust the morphol-
ogy of γ′ phase by changing aging temperature, aging time, or cooling method. This is
done to realize precipitation strengthening and improve the mechanical properties of the
Ni-based superalloy.

2.5. Mechanical Property Characterization

Micro-hardness measurements were performed using an FM-800 micro-hardness tester
(FUTURE-TECH, Tokyo, Japan). A 200 g load force with a holding time of 10 s was used.
Fifteen measurement points were made per sample on the sectioned plane (Figure 3c). The
average hardness value is reported together with the standard deviation (STDEV).

Flat tensile specimens were machined with the load axes parallel and perpendicular
to the build direction. Specimens in both as-EBM and post-processed conditions were
prepared. Tensile tests were performed at room temperature using an electronic universal
testing machine CMT4000 (SANS, Shenzhen, China), where strain was determined with an
extensometer. A constant cross-head speed of 0.015 mm/s was used.

3. Results
3.1. Characteristics of Starting Powders for EBM Process

Gas atomization is completed by molten metal which is atomized due to inert gas jets
into fine metal droplets, then cooled down in the atomizing tower. The plasma-rotating
electrode process is a centrifugal atomization process in a vacuum atmosphere developed
by Starmet. Plasma arc is involved in this process, and this method is currently a leading
candidate for high-purity powders of metals with a high melting point such as Ti and Ni
alloy powder production [29–31].

Representative micrographs (SEM) of atomized powders are shown in Figure 1a,b
for GA powders and Figure 1c,d for PREP powders. In general, PREP powders shown in
Figure 1c exhibited a much better spherical shape compared to GA powders, Figure 1a.
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In addition, small satellite particles can be found in PREP powders, Figure 1c,d. As
described in [32], powder particle size distribution and its mean size have traditionally
been considered to be important. This has a certain impact on packing density on the build
plate as well as the density of the finished part. Powders with smaller average particles
(D50) have been found to result in better surface roughness of the completed samples
according to [33]. Large particles might not be fully melted and fused, conversely too-small
particles can lead to ball, spatter, or swell causing too much energy [34]. However, there
are many particle properties that could potentially influence the overall behavior of the
powder for the subsequent EBM process. These key particle properties include specific
surface area, flowability, packing density, and D90.

Figure 4 shows the interior morphology of GH4099 powder particles. It was clear
that the interior of GA powder particles were massive cellular dendrites (Figure 4a,b) due
to rapid solidification during the cooling process. The interior morphology of PREPed
GH4099 powder particles were mainly segregated dendritic and light from cellular den-
drites (Figure 4c,d), resulting from different cooling rates between metal, liquid, and matrix
in the solidification process [31], which made the dendrites grow and become coarse.
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Figure 4. SEM micrographs of cross-section of the interior crystalline structure in the particles
(a,b) GA; (c,d) PREP.

3.2. Process Window

According to the results of optical microscope (OM) and SEM, these samples have two
types of defects. Namely uneven and bonding defects in the micromorphology occurred
during the EBM process window based on the varying melting current and scanning speed.
There were also dense samples with no surface unevenness, which were divided into
two forming windows according to the different powders used in this work, as shown in
Figure 5.
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black symbols.

From Figure 5a, the GA powders with the build temperature of 1253 K, unevenness
or bonding defects occur when EA is greater than ~2.0 J·m−2 or less than ~1.0 J·m−2. For
the PREP powders with the build temperature of 1373 K, dense samples could be obtained
when EA is in the range of ~0.5 J·m−2 to ~1.5 J·m−2 (Figure 5b). It can be concluded for
both cases that a suitable combinations of parameters (beam current, scanning speed, and
EA) are necessary for defect free samples. By increasing the build temperature, the EBM
processing window shifts towards higher speed and lower energy exposure per area EA
(in J·m−2) direction. Due to the different powder characteristics, the PREP powders are
more difficult to sinter during the preheating of the powder bed by electron beam. This
resulted in a higher build temperature for the PREP powders than the GA powders.

Bonding defects occur with increased scanning speed when the energy input is too
low to completely melt the powder layer, leaving the longitudinal pores [14]. Unevenness
on the surface occurs with lower deflection speeds and a higher scanning current of the
electron beam. Helmer et al. [35] reported that unevenness of the top surface is a result of
a vigorous melt pool motion caused by high forces exerted on the melt pool which could
be interpreted as temperature gradients, surface energy effects (Marangoni convection),
and evaporation.

3.3. Microstructural Characterization

Columnar crystals and the equiaxial crystals were observed in as-EBM condition
samples deposited with GA powder and PREP powder. An obvious columnar to equiaxed
transition (CET) was also observed for both powders within the processing window, which
is not shown here.

Two samples made from GA and PREP powders were selected for detailed investiga-
tions. As can be seen in Figure 6a,b, both samples reveal a similar columnar grain width
of ~200 µm. The average grain width of the EBM sample deposited with GA powder (GA
sample), as well as the sample as-EBM condition deposited with PREP powder (PREP
sample) are 195.16 ± 18.46 µm and 206.47 ± 28.74 µm, respectively. SEM images of the γ′

precipitations are shown in Figure 6c,d. The distribution of the γ′ is quite homogeneous
in the as-EBM state, with a volume fraction of about 20% for both samples. The γ′ is seen
to be spherical and very fine in size. Differing from the limited formation of γ′ in the
as-SLMed superalloys [36], the processing conditions (rapid solidification and high build
temperature) of EBM fabrication may provide a proper thermal history for the precipitation
of γ′. It is therefore not surprising that the higher build temperature resulted in a larger γ′

precipitated (~90 nm) in the PREP sample than that of the GA sample (~130 nm).
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the GA sample is dense and crack-free. However, micro-cracks were detected in the PREP 
sample, with the cracking ratio determined to be ~5% in area fraction. The occurrence of 
cracks is associated with the formation of liquid films at grain boundaries, as indicated by 
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Figure 6. Optical micrographs in the X-Z plane of GH4099 samples fabricated by EBM deposited
with: (a) GA; (c) PREP powder, and SEM micrographs of γ′ phase as-EBM GH4099 samples showing
the morphology of γ′ precipitates: (b) GA; (d)PREP.

3.4. Cracking in as-EBM GH4099 Superalloy

Macro cracks were not observed on the external surface and the wire-cut surface of
the as-EBM GH4099 samples. However, the micro-cracks existed in the samples deposited
with PREP powder by optical microscope and scanning electron microscope after grinding
and polishing, but not in the samples deposited with GA powder. The cracks are parallel
to the building direction, and no transverse cracks or lack of fusion appear, Figure 7. These
microcracks are distributed along the columnar grain boundaries, which indicates that the
microcracks are intergranular cracks.
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Figure 7. Crack morphology of as-EBM GH4099: optical micrographs of un-etched (a) GA sample
with no cracks and (b) PREP sample with cracks parallel to the building direction. (c) Etched PREP
sample showing the microcracks are intergranular cracks.

Observation of the polished cross-section are shown in Figure 7a,b. It can be seen
that the GA sample is dense and crack-free. However, micro-cracks were detected in
the PREP sample, with the cracking ratio determined to be ~5% in area fraction. The
occurrence of cracks is associated with the formation of liquid films at grain boundaries, as
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indicated by the arrows shown in Figure 7b. Figure 7c also confirms that the microcracks
are intergranular cracks.

3.5. Crack Healing and Microstructural Evolution

Kirka et al. [37] found that holes in Inconel 718 alloy formed by EBM could be removed
by hot isostatic pressing. Carter [38] et al. found that cracks in CM247LC alloy formed
by SLM could be eliminated by hot isostatic pressing. Therefore, in order to eliminate the
micro-cracks in as-EBM sample, selected PREP sample was given a HIP treatment. The
SEM micrograph of the GH4099 after HIP indicates that HIP can eliminate the micro-cracks
in as-EBMed GH4099. Figure 8a,b shows the microstructure evolution of γ′ phase and
the coarse irregular-shaped γ′ phase after HIP appeared with the HIP temperature close
to the initial melting point of GH4099, between 1423 K and 1453 K, which may affect the
microstructure of the sample. Due to the fact that the hatching temperature of 1423 K
is much higher than 1223 K in the process window, while the hatching time of a batch
of samples is about 30 h, the achieved part retained its heat for a long time, which was
equivalent to a high temperature solution treatment of the sample. After a long period of
heat preservation, γ′ phases were sufficiently precipitated and matured.
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Figure 8. SEM micrographs of EBM+HIP PREP sample. Healed cracks after HIP (a) and the butterfly-
like γ′ precipitates (b).

Through various numerical simulations, Cha et al. [39] found that the growth rate in
the <110> direction is enhanced due to a high chemical driving force, while the migration
rate in the <100> direction is suppressed due to enriched solute and a corresponding
low chemical driving force. The growing shape then transforms into a concave shape.
The splitting occurs only in the concave growth condition and it is induced by interface
instability, which is in good agreement with experimental observations. Yoo et al. [40]
found that morphological unstable and irregular growth in Ni base superalloy occurs
whenever there is enough supersaturation in the matrix so that the point effect of diffusion
is operative with the change of morphology.

The resultant post-processed combined HIP with HT EBM GH4099 microstructure is
illustrated in Figure 9. Heat treatment has a pronounced effect on the structure related to
microfissuring through the effect on solute solubility, grain size, and/or the dissolution
of phases [41]. Cracks were successfully closed and did not reopen after heat treatment
(Figure 9a) which is different from our previous report on a nonweldable superalloy [13].
Figure 9b shows the features of γ′ precipitates for heat-treated samples. The coarse irregular-
shaped γ′ was optimized into fine spherical particles and distributed more homogeneously
in comparison with the HIP sample after heat treatment, which plays an effective role in
adjusting the microstructure of the GH4099 alloy. The HIP+HT resulted in grain refinement,
while γ′ precipitates with more volume fraction. This was found after the HT when
compared to that of the as-EBM material.
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precipitates. The internal structure appears to be crack-free in EBM+HIP+HT condition.

Table 5 summarizes the grain width and γ′ precipitates volume fraction of the GH4099
superalloy in different conditions. The results show that the difference of γ′ volume
fractions between GA and PREP powder-deposited GH4099 alloys with similar columnar
crystal grain widths is small. When passed through HIP treatment of the PREPed sample,
the grain width reduced to 70.74 ± 7.70 µm. The HIP temperature is 1423 K, which is close
to the incipient melting temperature of the GH4099 alloy between 1423 K and 1453 K, thus
affecting the microstructure of the sample. The 4 h heat preservation time during the HIP
process is far less than the 30 h required for EBM formation of a batch of samples, and the
grains had insufficient time to grow. When undergoing HT, the average grain width in the
EBM+HIP condition of PREPed sample did not change significantly, but the number of γ′

precipitates increased. These results show that PREPed sample undergoing HIP treatment
then being exposed to 1473 K for 1 h + 1173 K for 4 h HT can not only completely eliminate
the coarse irregular-shaped γ′ precipitates, but also improve the mechanical properties of
the alloy without affecting the grain structure of the superalloy.

Table 5. Measured average grain width and γ′ volume fraction of as-EBM GAed and PREPed GH4099
samples and their changes due to HIP and HT. The building parameters of the GAed and PREPed
sample are listed here.

Sample I
(mA)

V
(mm/s)

Loff
(mm)

Grain Width
(µm)

γ′ Volume Fraction
(%)

GA-EBM 5 3000 0.1 195.16 ± 18.46 17.14 ± 0.92
PREP-EBM 10 1250 0.2 206.47 ± 28.74 16.10 ± 0.48

PREP-EBM+HIP - - - 70.74 ± 7.70 -
PREP-EBM+HIP+HT - - - 69.37 ± 6.32 19.30 ± 1.06

3.6. Mechanical Properties

The microhardness in the X-Z plane of GAed and PREPed samples under different
conditions are compared with wrought GH4099 sample. The results show that the hardness
value of the as-EBM GAed sample ~368 µm is equivalent to the wrought sample ~369 µm
and is slightly lower than the hardness standard of the wrought GH4099 superalloy going
through standard HT ~376 µm. The mechanical properties of GH4099 Ni-based superalloy
in EBM condition have basically reached the forging standard. The microhardness of the
PREPed GH4099 sample ~359 µm is slightly lower than that of wrought condition. As
mentioned earlier, microcracks existed in the as-EBM PREPed specimens, and the hardness
reflects the ability of the material to resist external force deformation. When measuring the
microhardness at the same height of the prepared sample in a random manner, it is likely
that the position of the measuring point is on or near the cracks, resulting in a decrease
in the average value of the microhardness. At the same time, the standard deviation in
microhardness measurement of the PREPed sample is also large, which may be due to
inhomogeneous measuring points caused by the microcracks. The same case to GA sample
is presumed as follows: GA powders were rapidly cooling and solidification was caused
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by argon gas during the preparation process, and there were more or less porosities inside.
Therefore, the gas therein cannot escape in such a short time during a rapid solidification
process, or the electron beam energy input is excessive, resulting in evaporation and ejection
of the feedstock powders or molten materials, thereby generating pores in the deposited
metals. Similarly, the uneven measuring points nearby porosities can lead to relatively
big errors.

The microhardness in the X-Z plane of PREPed samples in EBM+HIP condition and
EBM+HIP+HT condition was measured, compared with a wrought GH4099 sample after
a standard HT. As shown in Figure 10, the microhardness of as-built PREPed sample
decreases after the HIP treatment which is attributed to the closure of defects such as
microcracks by the applied HIP treatment [42]. The γ′ phase of the PREPed sample grew in
an unstable manner, resulting in a large amount of a larger and irregular-shaped γ′ phase.
The enhancement in mechanical properties of a GH4099 Ni-based superalloy is mainly
due to a precipitation strengthening effect with the main precipitates of γ′. It is beneficial
to improve the mechanical properties as fine γ′ precipitates dispersing uniformly in the
γ matrix. The strengthening effect of a coarse irregular-shaped γ′ phase relative to the γ

matrix will be greatly weakened, leading to the decrease of microhardness. Subsequent HT
of 1473 K solid solution for 1 h + 1173 K aging for 4 h caused the γ′ phase to re-dissolve
into the γ matrix in a fine dispersion during aging treatment.
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Figure 10. Measured average microhardness of GAed and PREPed GH4099 samples in EBM and
EBM+HIP or EBM+HIP+HT condition compared with the wrought GH4099 in both as-wrought and
wrought + HT conditions.

The elastic modulus and stacking fault energy between the two phases are different,
which results in conformal strain and reinforcement effect on the alloy. Moreover, because
of the larger specific area of the fine particles in the gamma phase, the reinforcement effect
is significantly enhanced, which makes the PREP-EBM+HIP+HT specimens microscopic.
Hardness has been improved. At the same time, cracks will not occur again after the
solution aging treatment, so its microhardness is higher than that of the EBM state and
EBM+HIP state. Meanwhile, the cracks did not re-generate inside the sample after HT, so
its microhardness is notably enhanced compared with its in EBM and EBM+HIP conditions.

The as-EBM GAed sample was subjected to the same standard HT treatment. The strip
tensile test specimen was cut parallel to the EBM building direction, its tensile strength at
room temperature was measured, as well as in EBM+HIP+HT condition of PREPed samples
which were cut parallel and perpendicular to the building direction, respectively. The above
mentioned samples were compared with the tensile strength of a wrought GH4099 sample
and by the standard HT at room temperature, as shown in the Figure 11.
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Figure 11. (a) Tensile strength, (b) yield strength, and (c) elongation to failure of GAed and PREPed
GH4099 sample in different conditions cut parallel or/and perpendicular to building direction, as
compared with that of a wrought sample along building direction.

Both of the tensile strengths of as-EBM GH4099 samples were lower than that of the
wrought sample. Further, the tensile strength of the GAed sample is slightly higher than
that of PREPed sample, which can be related to the small amount of pores inside GAed
sample and the microcracks that existed in the PREPed sample. The tensile strength of
post-processed PREPed sample along building direction was significantly more improved
than the as-EBM sample due to the elimination of microcracks after HIP treatment and
re-dissolving and re-precipitating dispersed γ′ phase during HT, which provided a high
mechanical strength of about ~926 µm. Tensile strength of the PREPed sample, which was
cut perpendicular to the EBM building direction (i.e., perpendicular to the growth direction
of the columnar crystal) at about ~486 µm was significantly lower than that parallel to the
building direction about ~775 µm, which can be related to intergranular cracks distributed
in as-EBM PREPed sample along grain boundary, resulting in low intergranular bonding
force. Cracks rapidly expanded while stretching along building direction and then exhibited
a low tensile strength. After HIP and HT, tensile strength increased to ~757 µm and was still
slightly lower than the as-EBM PREPed tensile specimen parallel to the building direction
indicating the anisotropy in strength. The tensile strength of the as-EBM GAed sample
decreases after undergoing HT as is also the case for the wrought GH4099 sample.

4. Discussion
4.1. Crack Mechanism

GH4099 is considered difficult to weld due to its high cracking susceptibility related
to high Al + Ti contents. The intergranular cracks were found particularly at columnar
grain boundaries aligned along the building direction in as-EBM condition PREPed sample
shown in Figure 7c, no transverse cracks and lack of fusion phenomenon were observed,
indicating that the crack is an intergranular crack. Figure 12c,d show the secondary electron
images of the crack surface from a PREPed sample which was cut into a 2 mm thickness
sheet in the X-Z plane and pried apart running along the crack lines. Observation of
the fracture surface shows the presence of discrete liquid films in quantities, which were
wetting the dendrites when cracking occurred. It is clear that the high cooling rate for
the EBM process leaves a magnitude of residual stresses, further supporting the notion
of susceptibility of solidification cracking in presence of liquid films. On the other hand,
thermal stresses during the last stage of solidification, pulling on the liquid films results
in cracking [27]. The EBM melting process is quite a complicated course with re-melting,
partial re-melting, cyclic annealing, etc. [27]. It is hard to identify the existing crack
propagated as solidification cracking or liquation cracking. For solidification cracking,
dendrite formation inhibits the flow of the remaining liquid in the interdendritic regions,
which act as crack initiation points under the effect of the stress induced by solidification.
Liquation cracking is generally reported to occur in a position away from the melt pool
where the material is heated rapidly to a temperature which is lower than the overall
liquidus of the material [43,44]. The fracture surface of crack-free GAed sample, on the
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other hand, exhibited dimple-like features as a response to a typical ductile failure shown
in Figure 12b.
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Figure 12. High magnification SE-SEM images of fracture surface from: (b) GAed sample, (c) a
broken open PREPed sample, and (d) low magnification of (c). (a) Illustration of a PREPed sample
that has been broken open.

Li et al. [45] reported that the crack initiated with the assistance of the transverse
tensile strain/stress which tore up the liquid film formed by the low-melting point pre-
existing phases in the primary heat affected zone, such as γ/γ′ eutectics and coarse γ′

precipitates. Thermal contraction and re-precipitation of secondary γ′ leads to a high
density of dislocations at the γ/γ′ interface, further accelerating the separation of liquid
film from grain boundary. Chauvet et al. [27] studied the fracture surface of a nonweldable
Ni-based superalloy fabricated by a powder bed-based selective electron beam melting
(S-EBM), and the dendritic morphology with a limited development of secondary arms
indicated the presence of intergranular liquid films in the upper part. As the top layer had
a limited shrinkage from former solidified layers, surface tensile effects were detrimental
when tensile stress was applied to liquid film wetting dendrites. They also found that the
cracks associated with the presence of liquid film propagated along high angle grain bound-
aries (misorientation > 15◦), whereas low angle grain boundaries (misorientation < 15◦)
remained uncracked. Zhang et al. [46] established a mathematical model, which explained
that different volume fractions of remaining liquid in CM247LC and IN792 Ni-based super-
alloys resulted in high strains and strain rates, thus affected crack formation and castability.
The size of freezing range in the two-phase mushy zone contributes to the alloys property
which decided hot tearing resistance, as per Refs. [46,47]. Moreover, hot tears occur when
solid dendrite arms do not coalesce and liquid is still continuously present in between
the dendrites above the coherency temperature, which is associated with deformation
when tensile stresses are applied to the non-coherent dendrite network with insufficient liq-
uid [47]. As for a nonweldable Ni-based superalloy, Kontis et al. [11] found that the amount
of solutes segregation, namely of B, Mo, and Cr to HAGBs, led to the occurrence of liquid
films where concentration in the liquid reached the critical composition to form borides
along with the solidification stresses. They also identified hot cracking caused by grain
boundary segregation, referred to as “segregation induced liquation”, over the course of
remelting and deposition of the subsequent layers in the additive manufacturing process.

4.2. Effect of Si Segregation on Cracking Behaviours

EPMA analysis represents the element distribution on fracture surface of PREPed
sample in the X-Z plane. As shown in Figure 13, it can be observed that there are distinct Si
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and O enrichment at the crack edge, indicating that enrichment of trace elements such as Si
contributes to the crack formation.
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Cloots et al. [48] revealed that cracks of IN738LC samples processed by selective
laser melting propagate along building direction and distribute in a large grain boundary.
Crack surfaces that seemed to be wetted with a liquid film were detected by atom probe
tomography (APT), indicating the segregation of Zr at grain boundaries, which is a possible
reason for hot cracking during the SLM process because it dramatically lowers the solidus
temperature of IN738LC. Zhao et al. [49] investigated the fracture surface in René88DT
superalloy prepared by laser solid forming (LSF) and formation of re-solidified products
along grain boundaries in HAZ can be found. Energy dispersive spectroscopy (EDS)
analysis results represented these re-solidified products within the cracks, containing high
amount of Ti, Al, Cr, Co, and Ni, are the re-solidified (γ + γ′) eutectics, and speculated
that HAZ cracking results from liquation cracking. Engeli et al. [50] investigated crack
density of IN738LC samples with different amounts of Si content fabricated by selective
laser melting and found that the fraction of Si has a strong detrimental effect to the crack
density even on a small amount <0.2 wt.%, as well as its SLM processability.

It is well known from previous works that minor elements including C, B, S, P, Mg, etc.
strongly influence the weldability of Ni-based superalloys even on ppm level [34]. Silicon
may be used as refining addition and deoxidizer to improve weldability and oxidation
resistance during traditional melting process, but its detrimental effect presented in the
final alloys must be considered according to Ref. [51].

ICP-AES results of chemical composition of the GA and PREP GH4099 powders in
Table 1 show that the Si content of the PREP powder is higher by one order of magnitude
than that of the GA powder. It can be seen that the GH4099 sample deposited with the
PREP powder had a larger content of Si from vendors mixed in, thereby increasing the crack
sensitivity during the EBM forming process, inducing the occurrence of intergranular crack.

5. Conclusions

GH4099 superalloy samples were successfully fabricated by EBM by using GA and
PREP powders. Several observations and conclusions are drawn.
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(1) Dense and crack-free samples were built at 1253 K for the GA powder. By contrast,
cracks were observed in the PREP sample built at 1373 K. For both cases, fine spherical
γ′ phase precipitated uniformly with a volume fraction of ~20%.

(2) Local enrichment of minor element Si was responsible for the cracking behavior of
the PREP sample.

(3) The cracks were successfully healed by HIP and heat treatment.
(4) Tensile properties of the GA and PREP samples in the build direction are compa-

rable to a wrought superalloy. However, the healed cracks remain weak in the
horizontal direction.

Author Contributions: S.W. conceived and designed the experiment, performed the experiments
and wrote the paper; S.T. analyzed the data and discussed the results; H.P. designed the experiment
and wrote the paper. All authors have read and agreed to the published version of the manuscript.

Funding: This research and the APC was funded by the National Science and Technology Ma-
jor Project (J2019-VII-0016–0157) and National Key Research and Development Program of China
(2021YFB3700501).

Data Availability Statement: Not applicable.

Conflicts of Interest: The authors declare no conflict of interest.

References
1. Altiparmak, S.C.; Xiao, B.W. A market assessment of additive manufacturing potential for the aerospace industry. J. Manuf.

Process. 2021, 68, 728–738. [CrossRef]
2. Blakey-Milner, B.; Gradl, P.; Snedden, G.; Brooks, M.; Pitot, J.; Lopez, E.; Leary, M.; Berto, F.; du Plessis, A. Metal additive

manufacturing in aerospace: A review. Mater. Des. 2021, 209, 110008. [CrossRef]
3. Yusuf, S.M.; Cutler, S.; Gao, N. Review: The Impact of Metal Additive Manufacturing on the Aerospace Industry. Metals 2019, 9,

1286. [CrossRef]
4. Linares, J.-M.; Chaves-Jacob, J.; Lopez, Q.; Sprauel, J.-M. Fatigue life optimization for 17-4Ph steel produced by selective laser

melting. Rapid Prototyp. J. 2022, 28, 1182–1192. [CrossRef]
5. Yao, J.; Ding, R.C.; Li, K.L.; Du, B.R.; Zhao, L.; Yuan, Y.X. Study on the impact behavior of arch micro-strut (ARCH) lattice

structure by selective laser melting (SLM). Rapid Prototyp. J. 2022, 28, 1541–1557. [CrossRef]
6. Panahizadeh, V.; Ghasemi, A.H.; Asl, Y.D.; Davoudi, M. Optimization of LB-PBF process parameters to achieve best relative

density and surface roughness for Ti6Al4V samples: Using NSGA-II algorithm. Rapid Prototyp. J. 2022. [CrossRef]
7. Gaur, B.; Soman, D.; Ghyar, R.; Bhallamudi, R. Ti6Al4V scaffolds fabricated by laser powder bed fusion with hybrid volumetric

energy density. Rapid Prototyp. J. 2022. [CrossRef]
8. Reed, R.C. The Superalloys: Fundamentals and Applications; Cambridge University Press: Cambridge, UK; New York, NY, USA,

2006.
9. Murray, S.P.; Pusch, K.M.; Polonsky, A.T.; Torbet, C.J.; Seward, G.G.E.; Zhou, N.; Forsik, S.A.J.; Nandwana, P.; Kirka, M.M.; Dehoff,

R.R.; et al. A defect-resistant Co-Ni superalloy for 3D printing. Nat. Commun. 2020, 11, 1–11. [CrossRef]
10. Sotov, A.V.; Agapovichev, A.V.; Smelov, V.G.; Kokareva, V.V.; Dmitrieva, M.O.; Melnikov, A.A.; Golanov, S.P.; Anurov, Y.M.

Investigation of the IN-738 superalloy microstructure and mechanical properties for the manufacturing of gas turbine engine
nozzle guide vane by selective laser melting. Int. J. Adv. Manuf. Technol. 2020, 107, 2525–2535. [CrossRef]

11. Kontis, P.; Chauvet, E.; Peng, Z.; He, J.; da Silva, A.K.; Raabe, D.; Tassin, C.; Blandin, J.-J.; Abed, S.; Dendievel, R.; et al.
Atomic-scale grain boundary engineering to overcome hot-cracking in additively-manufactured superalloys. Acta Mater. 2019,
177, 209–221. [CrossRef]

12. Yao, Y.; Xing, C.; Peng, H.; Guo, H.; Chen, B. Solidification microstructure and tensile deformation mechanisms of selective
electron beam melted Ni3Al-based alloy at room and elevated temperatures. Mater. Sci. Eng. A-Struct. Mater. Prop. Microstruct.
Process. 2021, 802, 140629. [CrossRef]

13. Peng, H.; Shi, Y.; Gong, S.; Guo, H.; Chen, B. Microstructure, mechanical properties and cracking behaviour in gamma’-
precipitation strengthened nickel-base superalloy fabricated by electron beam melting. Mater. Des. 2018, 159, 155–169. [CrossRef]

14. Ramsperger, M.; Singer, R.F.; Korner, C. Microstructure of the Nickel-Base Superalloy CMSX-4 Fabricated by Selective Electron
Beam Melting. Metall. Mater. Trans. A-Phys. Metall. Mater. Sci. 2016, 47, 1469–1480. [CrossRef]

15. Chauvet, E.; Tassin, C.; Blandin, J.-J.; Dendievel, R.; Martin, G. Producing Ni-base superalloys single crystal by selective electron
beam melting. Scr. Mater. 2018, 152, 15–19. [CrossRef]

16. Fernandez-Zelaia, P.; Kirka, M.M.; Rossy, A.M.; Lee, Y.; Dryepondt, S.N. Nickel-based superalloy single crystals fabricated via
electron beam melting. Acta Mater. 2021, 216, 117133. [CrossRef]

132



Metals 2022, 12, 1301

17. Kuo, Y.L.; Kamigaichi, A.; Kakehi, K. Characterization of Ni-Based Superalloy Built by Selective Laser Melting and Electron Beam
Melting. Metall. Mater. Trans. A-Phys. Metall. Mater. Sci. 2018, 49, 3831–3837. [CrossRef]

18. Gaumann, M.; Henry, S.; Cleton, F.; Wagniere, J.D.; Kurz, W. Epitaxial laser metal forming: Analysis of microstructure formation.
Mater. Sci. Eng. A 1999, 271, 232–241. [CrossRef]

19. Acharya, R.; Bansal, R.; Gambone, J.J.; Das, S. A Coupled Thermal, Fluid Flow, and Solidification Model for the Processing of
Single-Crystal Alloy CMSX-4 Through Scanning Laser Epitaxy for Turbine Engine Hot-Section Component Repair (Part I). Metall.
Mater. Trans. B-Process Metall. Mater. Process. Sci. 2014, 45, 2247–2261. [CrossRef]

20. Basak, A.; Acharya, R.; Das, S. Additive Manufacturing of Single-Crystal Superalloy CMSX-4 Through Scanning Laser Epitaxy:
Computational Modeling, Experimental Process Development, and Process Parameter Optimization. Metall. Mater. Trans. A-Phys.
Metall. Mater. Sci. 2016, 47, 3845–3859. [CrossRef]

21. Basak, A.; Das, S. Additive Manufacturing of Nickel-Base Superalloy Rene N5 through Scanning Laser Epitaxy (SLE)—Material
Processing, Microstructures, and Microhardness Properties. Adv. Eng. Mater. 2017, 19, 1600690. [CrossRef]

22. Kirka, M.M.; Unocic, K.A.; Raghavan, N.; Medina, F.; Dehoff, R.R.; Babu, S.S. Microstructure Development in Electron Beam-
Melted Inconel 718 and Associated Tensile Properties. JOM 2016, 68, 1012–1020. [CrossRef]

23. Korner, C.; Ramsperger, M.; Meid, C.; Burger, D.; Wollgramm, P.; Bartsch, M.; Eggeler, G. Microstructure and Mechanical
Properties of CMSX-4 Single Crystals Prepared by Additive Manufacturing. Metall. Mater. Trans. A-Phys. Metall. Mater. Sci. 2018,
49, 3781–3792. [CrossRef]

24. DuPont, J.N.; Lippold, J.C.; Kiser, S.D. Welding Metallurgy and Weldability of Nickel-Base Alloys; John Wiley & Sons: Hoboken, NJ,
USA, 2009.

25. Burger, D.; Parsa, A.B.; Ramsperger, M.; Korner, C.; Eggeler, G. Creep properties of single crystal Ni-base superalloys (SX): A
comparison between conventionally cast and additive manufactured CMSX-4 materials. Mater. Sci. Eng. A-Struct. Mater. Prop.
Microstruct. Process. 2019, 762, 138098. [CrossRef]

26. Wollgramm, P.; Burger, D.; Parsa, A.B.; Neuking, K.; Eggeler, G. The effect of stress, temperature and loading direction on the
creep behaviour of Ni-base single crystal superalloy miniature tensile specimens. Mater. High Temp. 2016, 33, 346–360. [CrossRef]

27. Chauvet, E.; Kontis, P.; Jaegle, E.A.; Gault, B.; Raabe, D.; Tassin, C.; Blandin, J.-J.; Dendievel, R.; Vayre, B.; Abed, S.; et al. Hot
cracking mechanism affecting a non-weldable Ni-based superalloy produced by selective electron Beam Melting. Acta Mater.
2018, 142, 82–94. [CrossRef]

28. Unocic, K.A.; Kirka, M.M.; Cakmak, E.; Greeley, D.; Okello, A.O.; Dryepondt, S. Evaluation of additive electron beam melting of
haynes 282 alloy. Mater. Sci. Eng. A-Struct. Mater. Prop. Microstruct. Process. 2020, 772, 138607. [CrossRef]

29. Zhong, C.L.; Chen, J.; Linnenbrink, S.; Gasser, A.; Sui, S.; Poprawe, R. A comparative study of Inconel 718 formed by High
Deposition Rate Laser Metal Deposition with GA powder and PREP powder. Mater. Des. 2016, 107, 386–392. [CrossRef]

30. Ding, P.P.; Mao, A.Q.; Zhang, X.; Jin, X.; Wang, B.; Liu, M.; Gu, X.L. Preparation, characterization and properties of multicomponent
A1CoCrFeNi(2.1) powder by gas atomization method. J. Alloys Compd. 2017, 721, 609–614. [CrossRef]

31. Chen, Y.; Zhang, J.Y.; Wang, B.; Yao, C.G. Comparative study of IN600 superalloy produced by two powder metallurgy
technologies: Argon Atomizing and Plasma Rotating Electrode Process. Vacuum 2018, 156, 302–309. [CrossRef]

32. Pleass, C.; Jothi, S. Influence of powder characteristics and additive manufacturing process parameters on the microstructure and
mechanical behaviour of Inconel 625 fabricated by Selective Laser Melting. Addit. Manuf. 2018, 24, 419–431. [CrossRef]

33. Nguyen, Q.B.; Nai, M.L.S.; Zhu, Z.G.; Sun, C.N.; Wei, J.; Zhou, W. Characteristics of Inconel Powders for Powder-Bed Additive
Manufacturing. Engineering 2017, 3, 695–700. [CrossRef]

34. Herzog, D.; Seyda, V.; Wycisk, E.; Emmelmann, C. Additive manufacturing of metals. Acta Mater. 2016, 117, 371–392. [CrossRef]
35. Helmer, H.E.; Korner, C.; Singer, R.F. Additive manufacturing of nickel-based superalloy Inconel 718 by selective electron beam

melting: Processing window and microstructure. J. Mater. Res. 2014, 29, 1987–1996. [CrossRef]
36. Lopez-Galilea, I.; Ruttert, B.; He, J.Y.; Hammerschmidt, T.; Drautz, R.; Gault, B.; Theisen, W. Additive manufacturing of CMSX-4

Ni-base superalloy by selective laser melting: Influence of processing parameters and heat treatment. Addit. Manuf. 2019, 30,
100874. [CrossRef]

37. Kirka, M.M.; Medina, F.; Dehoff, R.; Okello, A. Mechanical behavior of post-processed Inconel 718 manufactured through the
electron beam melting process. Mater. Sci. Eng. A-Struct. Mater. Prop. Microstruct. Process. 2017, 680, 338–346. [CrossRef]

38. Harrison, N.J.; Todd, I.; Mumtaz, K. Reduction of micro-cracking in nickel superalloys processed by Selective Laser Melting: A
fundamental alloy design approach. Acta Mater. 2015, 94, 59–68. [CrossRef]

39. Cha, P.R.; Yeon, D.H.; Chung, S.H. Phase-field study for the splitting mechanism of coherent misfitting precipitates in anisotropic
elastic media. Scr. Mater. 2005, 52, 1241–1245. [CrossRef]

40. Yoo, Y.S. Morphological instability of spherical gamma‘ precipitates in a nickel base superalloy. Scr. Mater. 2005, 53, 81–85.
[CrossRef]

41. Richards, N.L.; Chaturvedi, M.C. Effect of minor elements on weldability of nickel base superalloys. Int. Mater. Rev. 2000, 45,
109–129. [CrossRef]

42. Balachandramurthi, A.R.; Moverare, J.; Mahade, S.; Pederson, R. Additive Manufacturing of Alloy 718 via Electron Beam Melting:
Effect of Post-Treatment on the Microstructure and the Mechanical Properties. Materials 2019, 12, 68. [CrossRef]

43. Dye, D.; Hunziker, O.; Reed, R.C. Numerical analysis of the weldability of superalloys. Acta Mater. 2001, 49, 683–697. [CrossRef]

133



Metals 2022, 12, 1301

44. Carter, L.N.; Attallah, M.M.; Reed, R.C. Laser Powder Bed Fabrication of Nickel-Base Superalloys: Influence of Parameters;
Characterisation, Quantification and Mitigation of Cracking. In Proceedings of the 12th International Symposium on Superalloys,
Seven Springs, PA, USA, 9–13 September 2012; pp. 577–586.

45. Li, Y.; Chen, K.; Tamura, N. Mechanism of heat affected zone cracking in Ni-based superalloy DZ125L fabricated by laser 3D
printing technique. Mater. Des. 2018, 150, 171–181. [CrossRef]

46. Zhang, J.; Singer, R.F. Hot tearing of nickel-based superalloys during directional solidification. Acta Mater. 2002, 50, 1869–1879.
[CrossRef]

47. Rappaz, M.; Drezet, J.; Gremaud, M. A New Hot-Tearing Criterion. Metall. Mater. Trans. A-Phys. Metall. Mater. Sci. 1999, 30,
449–455. [CrossRef]

48. Cloots, M.; Uggowitzer, P.J.; Wegener, K. Investigations on the microstructure and crack formation of IN738LC samples processed
by selective laser melting using Gaussian and doughnut profiles. Mater. Des. 2016, 89, 770–784. [CrossRef]

49. Zhao, X.M.; Lin, X.; Chen, J.; Xue, L.; Huang, W.D. The effect of hot isostatic pressing on crack healing, microstructure, mechanical
properties of Rene88DT superalloy prepared by laser solid forming. Mater. Sci. Eng. A-Struct. Mater. Prop. Microstruct. Process.
2009, 504, 129–134. [CrossRef]

50. Engeli, R.; Etter, T.; Geiger, F.; Stankowski, A.; Wegener, K. Effect of Si on the SLM processability of IN738LC. In International Solid
Freeform Fabrication Symposium; The University of Texas: Austin, TX, USA, 2015; pp. 823–831.

51. Holt, R.T.; Wallace, W. Impurities and Trace Elements in Nickel-Base Superalloys. Int. Met. Rev. 1976, 21, 1–24. [CrossRef]

134



Citation: Li, J.; Kuai, Z.; Li, Z.; Liu, B.;

Chen, Y.; Lu, S.; Nie, Y.; Yang, Z.

Effects of Process Parameters on the

Relative Density and Properties of

CuCrZr Alloy Produced by Selective

Laser Melting. Metals 2022, 12, 701.

https://doi.org/10.3390/met12050701

Academic Editor: Thomas Niendorf

Received: 15 March 2022

Accepted: 14 April 2022

Published: 19 April 2022

Publisher’s Note: MDPI stays neutral

with regard to jurisdictional claims in

published maps and institutional affil-

iations.

Copyright: © 2022 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

metals

Article

Effects of Process Parameters on the Relative Density and
Properties of CuCrZr Alloy Produced by Selective Laser Melting
Jiaxin Li 1,†, Zezhou Kuai 1,†, Zhonghua Li 2,*, Bin Liu 1,*, Yanlei Chen 1, Shengyu Lu 1, Yunfei Nie 3

and Zhicheng Yang 2

1 School of Materials Science and Engineering, North University of China, Taiyuan 030051, China;
jiaxin_li_nuc@163.com (J.L.); kuaizezhou@163.com (Z.K.); chenyl778274787@163.com (Y.C.);
lsy8819782@163.com (S.L.)

2 School of Mechanical Engineering, North University of China, Taiyuan 030051, China;
yzc13653504211@163.com

3 State Key Laboratory of Mechanical Transmission, Chongqing University, Chongqing 400044, China;
20200701037@cqu.edu.cn

* Correspondence: lizhonghua6868@163.com (Z.L.); liubin3y@nuc.edu.cn (B.L.)
† These authors contributed equally to this work.

Abstract: CuCrZr alloy has the advantages of good electrical conductivity, thermal conductivity, high
hardness, crack resistance and high softening temperature. It is extensively used in important fields
such as rail transit, aerospace, thermonuclear fusion and electronic information. Due to its high melting
point, reflectivity, thermal conductivity, etc., it is more difficult to manufacture by selective laser melting
(SLM). In this work, the effect of SLM process parameters on the characteristics of CuCrZr samples,
such as relative density, hardness and tensile properties, has been investigated using orthogonal
experiment method. The experimental results show that laser power is the main factor affecting the
properties of the alloy. The tensile strength of the alloy increases with an increase in laser power; it first
increases and then decreases with an increase in scanning speed. The optimal combination of process
parameters in this paper is as follows: laser power is 240 W, scanning speed is 750 mm/s and scanning
spacing is 0.07 mm. The relative density, ultimate tensile strength and hardness of the alloy fabricated
by best SLM process parameters was 98.79%, 347 MPa, 133.9 HV, respectively.

Keywords: selective laser melting; CuCrZr alloy; process parameters; relative density; tensile properties

1. Introduction

Copper and its alloys have excellent electrical conductivity, thermal conductivity and
corrosion resistance. They are widely used in electrical, metallurgy, machinery manufactur-
ing, aerospace, defence industry and other fields, where they are made into lead frames for
integrated circuits, overhead contact lines for electrified railways, radiators, aviation thrust
chambers, etc. [1–3]. Copper alloys are mostly prepared by traditional casting processes.
However, it is difficult to fabricate parts with complex structures and internal runners,
so that greatly limit the application of copper alloys. Three-dimensional printed copper
alloy parts have good mechanical properties, excellent microstructure and surface quality
that make them easier to polish. They are widely used in jewellery and cultural education
and can also be used to manufacture micro radiators and aerospace engine combustion
chamber components.

Selective laser melting (SLM) is an additive manufacturing process. According to the
Computer Aided Design (CAD) 3D model, the laser melts the powder layer by layer along
the path planned by the path planning software. Due to its high thermal conductivity
and electrical conductivity, the laser powder bed melting of copper and copper alloys has
become an increasingly popular topic. However, copper alloys have excellent thermal
conductivity and higher reflectivity. This makes it difficult for lasers to continuously melt
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the powder, which leads to difficulties in melting copper alloys and controlling the quality
of powder metallurgy. Concurrently, higher laser power will cause certain damage to the
laser device. Huang et al. [4] prepared pure copper parts using SLM technology and studied
the influence of the process on the microstructure evolution and mechanical properties
of pure copper parts. Lodes et al. [5] used electron beam melting (EBM) technology to
manufacture pure copper parts with a relative density of up to 99.5%. Tian et al. [6]
fabricated Cu-13.5Al-4Ni-0.5Ti copper-based shape memory alloy using SLM technology.
By optimising the parameters, an almost completely dense copper-based sample was
obtained, and its phase and microstructure were characterised.

With the development of the electronics industry, the need for high-strength and
high-thermal-conductivity copper alloys is increasing, and copper–chromium alloys are
increasingly favoured as typical precipitation-strengthened copper alloys. CuCrZr has
excellent mechanical properties and electrical conductivity, alongside thermal conductivity,
so it has broad development and application prospects [7–9]. The study of CuCrZr alloys
prepared using SLM technology has become a research hotspot. Ma [10] established a
statistical model of the influence of processing parameters on relative density using the
responding surface method and analysis of variance, obtained the optimal SLM process
parameters of CuCrZr alloy and prepared nearly fully dense samples. The microstructure
and mechanical properties of the sample were studied. Compared with deformed copper
alloys, SLMed CuCrZr has a considerable tensile strength (~321 MPa), but its elongation
at break (25%) is much higher than that of forged samples (15%). Sun et al. [11] used
an ANSYS simulation to determine the approximate process range of the CuCrZr alloy
produced by SLM. Then, the effects of laser power, scanning speed and hatching distance
on the mechanical properties of CuCrZr alloy in the range of SLM process parameters
were investigated by experiments. When the laser power was 460 W, the scanning speed
was 700 mm/s and the hatching distance was 0.06 mm, the optimal performance of the
alloy was obtained. The tensile strength was 153.5 MPa, the hardness was 119 HV, and
the roughness was 31.384 µm. Guan et al. [12] studied the effect of heat treatment on
CuCrZr alloy manufactured by SLM. As the ageing temperature increased, the strength of
the alloy gradually decreased, and the electrical conductivity gradually increased. After
ageing at 500 ◦C, the strength and electrical conductivity of the alloy reached 490 MPa and
73% IACS, respectively. Wallis et al. [13] studied CuCrZr samples fabricated using SLM
and discussed the influence of heat treatment on the microstructure and properties of the
samples. Compared with conventional heat treatment, direct age-hardening improved the
mechanical properties, and clusters of Cr and CuxZry particles were detected in the sample.
Hu et al. [14] studied the changes in the microstructure and mechanical properties of Cu-
Cr-Zr alloys prepared by selective laser melting (SLM) with different scanning parameters.
By optimising the scanning parameters, a CuCrZr specimen with a relatively high relative
density (99.5 ± 0.3%) was obtained, with a strength of (280 ± 6 MPa) and a plasticity of
(23.4 ± 0.4%). However, the mechanical properties of CuCrZr alloy prepared by SLM in
these studies are lower than forging. Therefore, it is necessary to improve the mechanical
properties and processing efficiency of SLMed CuCrZr alloy by adjusting laser power,
scanning speed, hatching distance, scanning strategy, etc.

In the study, the CuCrZr alloy samples were fabricated through SLM to determine
which of the process parameters were optimised by orthogonal experiments. The effects of
scanning power, scanning speed and hatching distance on the properties of SLM CuCrZr
alloy samples were analysed.
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2. Materials and Methods
2.1. Experimental Materials and Equipment

The CuCrZr powder produced by gas atomisation was used in the SLM manufacturing
process, and the chemical composition is shown in Table 1. The size distribution of CuCrZr
powder was measured by Mastersizer (S3500, Microtrac, Osaka, Japan), its particle size
distribution ranged from 15.25 µm (D10) to 46.59 µm (D90), with an average particle size
of 29.98 µm, as shown in Figure 1. A SU5000 (Hitachi, Tokyo, Japan) SEM was used to
characterise the microstructure of the CuCrZr powder and observe the fracture morphology
of tensile parts. Figure 2 shows the microstructure of the CuCrZr powder. Most of the
powder particles are spherical or nearly spherical, with a smooth surface and good fluidity
that is beneficial to the flatness of the powder layer to ensure the formation of SLM. A
small part of the powder particles presents irregular shapes, and the small powder particles
are adsorbed around the large powder particles. EP-M150 (E-PLUS 3D, Beijing, China)
equipment was used to process CuCrZr alloy samples. It is equipped with a 500 W Yb: YAG
laser with a wavelength of 1064 nm and a spot size of 70 µm with a Gaussian distribution.
To reduce the temperature gradient, the substrate preheating temperature was 100 ◦C, the
powder layer thickness was 30 µm, and a scanning strategy of 67◦ rotation per layer was
adopted. During the printing process, the oxygen content of the moulding chamber was
less than 0.02% and protected by argon gas.

Table 1. Chemical compositions of CuCrZr alloy powders.

Element Cr Zr Cu

Content (wt. %) 0.75 0.077 Bal.
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2.2. Experimental Design

Since there are many factors affecting the forming quality of SLM, it will be a heavy
workload to carry out research in full factor mode. Therefore, this experiment adopts a
3-factor 4-level orthogonal test method [15]. The three factors selected in this paper are
laser power, scanning speed and hatching distance, mainly because these three factors have
great influence on forming quality when the same SLM equipment prepares parts. In order
to avoid large workload and more reliable test results, Taguchi L16 was used to generate
general results which have four levels for each factor. The process parameters used are
shown in Table 2. In this experiment, an orthogonal test was used to prepare the CuCrZr
sample with a size of 10 mm × 10 mm × 10 mm, as shown in Figure 3.

Table 2. Process parameters of alloys fabricated by SLM.

Group Test Number Laser Power
P (W)

Scanning Speed
V (mm/s)

Hatching
Distance
D (µm)

A

No. 01 160 650 50
No. 02 160 750 60
No. 03 160 850 70
No. 04 160 950 80

B

No. 05 200 650 60
No. 06 200 750 50
No. 07 200 850 80
No. 08 200 950 70

C

No. 09 240 650 70
No. 10 240 750 80
No. 11 240 850 60
No. 12 240 950 50

D

No. 13 280 650 80
No. 14 280 750 70
No. 15 280 850 60
No. 16 280 950 50
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2.3. Experimental Feature

Completed samples were removed from the 304 stainless steel base plate via wire
electrical discharge machining (Wire-EDM). The separated samples were polished with
sandpaper until the surface was bright and without scratches. A Zeiss optical microscope
(Axio Scope A1, Carl Zeiss AG, Oberkochen, Germany) was used to shoot the pores of the
cross-section. Image J—an image-processing software (V 1.8.0, National Institutes of Health,
Bethesda, MD, USA)—was used for relative density measurement. At least 20 pictures were
measured for each sample, and the average value was taken. The Vickers hardness tester
(JMHVS-1000AT, Shanghai Material testing Machine Factory, Shanghai, China) was used
to test the Vickers hardness of the samples: we pressed it into the surface of the samples
with a test force of 200 g and kept it there for 10 s. Then we measured 10 indentations for
each sample and took the average value as the final result. The electronic universal testing
machine (AG—X PLUS, Shimadzu Corporation, Kyoto, Japan) was used to complete the
test of the tensile sample; the tensile speed was 1 mm/min, and the stress–strain data were
collected before the sample was broken. The same kinds of tensile specimens were tested
three times, and the results were averaged.
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3. Results and Discuss
3.1. Relative Density

In order to ensure the accuracy of relative density calculation, no less than 20 optical
images were collected for each sample. After removing the highest and lowest values, the
average value was taken as the final result. Figure 4 shows the relative density measurement
results and statistical errors of volume fraction of the pores driven from the image analysis
of 16 samples manufactured by SLM. It is obvious from Figure 4 that when laser power is
240 W, scanning speed and hatching distance have little influence on relative density. The
relative density of sample No. 15 is the highest, reaching 98.98%. This is mainly because at
this process parameter, there is enough energy to completely melt the powder and enough
time for the gas inside the powder bed to escape, etc.
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Figure 4. Relative density of samples fabricated by SLM with different process parameters.

Figure 5 is the main effect diagram of alloy relative density under various process
parameters obtained through orthogonal analysis. Figure 5a shows that when the laser
power is increased from 160 W to 280 W, the compactness of the samples first shows a trend
of increasing, then decreasing. When the laser power is too low, the energy absorbed by
the powder becomes too low to be completely melted, the viscosity of the melt becomes
higher and the fluidity becomes poor, resulting in poor lap quality between the melt
channels and poor continuity of the melt channels. In addition, there are more irregular
pores in the sample where the powder is not completely fused, resulting in a low relative
density of the sample. When the laser power is 200 W, the sample relative density is
significantly improved, as shown in Figure 6a,b. When the laser power rises to 280 W,
the powder absorbs so much energy that the melt begins to evaporate. Fast expansion
of vapor leads to explosions in the boiling melt [16]. The splashed particles adhere to
the surface of the sample and cause a poor weld lap. Excessive laser power can cause
spheroidisation and even burn. In addition, a large amount of molten metal evaporates,
resulting in many circular pores on the surface of the sample, thereby reducing the relative
density of the sample. When the laser power is high, the solidification time of the molten
pool is prolonged, the hydrogen in the molten pool reaches the local solubility limit and
nucleation generates bubbles. The bubbles diffuse from the bottom of the molten pool and
the heat-affected zone to the top and eventually form many hydrogen holes, so the hole
defects are obvious [17,18], as shown in Figure 6c,d.
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Figure 5. The influence of process parameters on the relative density of samples: (a) Laser Power,
(b) Scanning Speed, (c) Hatching Distance.
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As the scanning speed increases, the relative density of the sample slowly increases
and then decreases, as shown in Figure 5b. When the scanning speed is too low, it is
easy to make the local liquid phase too much, resulting in nodules and decreased relative
density [17,18]. Concurrently, when V is too small, due to the strong Marangoni effect,
defects such as spheroidisation and pores are easily formed in the molten pool, so the
overall relative density value is not high. When the scanning speed is 950 mm/s, the high
scanning speed makes the cooling rate of the molten pool faster, the width and depth of the
molten pool are reduced and the melting channel is prone to discontinuity, which leads to
a decrease in relative density.

Figure 5c shows that as the hatching distance increases, the relative density of the alloy
first increases and then decreases. The smaller the hatching distance, the greater the internal
stress and the greater the temperature gradient, which is likely to cause spheroidisation and
even lead to warpage deformation of the samples. Since the melting channel is elliptical
during the forming process, the two melting channels are distributed in a wave shape.
When the hatching distance is too large, the overlap area between adjacent melting channels
is reduced, resulting in a large amount of unmelted powder in the trough area and forming
many pores of very large size. A reasonable hatching distance can make the powder in the
overlapping area between adjacent melting channels fully melt, and the molten metal can
be completely spread, reducing the generation of pores. The body energy density formula
can be used to express the influence on density. The formula is as follows:

E =
P

vdh
(1)

where E is the energy density of the laser body, P is the laser power, υ is the scanning speed,
d is the hatching distance and h is the thickness of the powder layer.

Table 3 shows the results of the analysis of the influence of process parameters on
relative density. The p-value of the laser power is the smallest, indicating that the laser
power is the main factor affecting the relative density, followed by the scanning speed, and
the hatching distance has the least influence.

Table 3. Results from the regression analysis of the data.

Source DF Adj SS Adj MS F-Value p-Value

Laser power 3 9.964 3.321 2.94 0.052
Scanning speed 1 5.278 5.278 4.67 0.109

Hatching distance 1 3.387 3.387 3.00 0.305
Error 12 13.565 1.130 - -
Total 15 23.529 - - -

3.2. Effect of Process Parameters on the Microhardness of SLM Alloy

The main effects plot showing the variation of the hardness of SLM alloy with laser
power, scanning speed and hatching distance is plotted in Figure 7. When the laser power
is 280 W, the average hardness of the sample reaches 135.3 HV0.2. The laser energy density
increased with the increased of laser power, which resulted in strong metallurgical bonding
between powder particles [19]. When the laser power is 160 W, the average hardness of
the sample becomes the lowest because when the sample gets less energy, the powder
cannot be fully melted, and the fluidity of the metal solution becomes poor, resulting in
the sample having more pores and lower relative density. When the scanning speed is
750 mm/s, the hardness of the sample becomes higher. CuCrZr is a precipitated hardened
copper alloy [20,21]. Under the action of pressure, precipitated Cr atoms hinder the sliding
between grains, thus improving the hardness of the alloy [11]. However, with the increase in
scanning speed, the hardness of samples decreased, which was mainly caused by Cr atoms
in solid solution.
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Figure 7. The influence of process parameters on the hardness of samples: (a) Laser Power,
(b) Scanning Speed, (c) Hatching Distance.

Table 4 shows the average hardness value of the upper surface of the sample. From
the table, the hardness of the Group A samples is lower. As the laser power increases, the
hardness value of the alloy increases, and rate of increase decreases.

Table 4. The average hardness value of the upper surface of the sample.

Experiment No. Microhardness (HV0.2) Experiment No. Microhardness (HV0.2)

1 97.4 ± 1.56 9 139.9 ± 2.39
2 125.7 ± 0.85 10 138.4 ± 1.91
3 120.9 ± 1.06 11 125.5 ± 0.14
4 122.9 ± 0.35 12 128.7 ± 1.48
5 117.3 ± 0.38 13 138.9 ± 2.12
6 139.1 ± 0.57 14 133.8 ± 1.77
7 138.9 ± 2.97 15 129.8 ± 1.27
8 124.8 ± 0.64 16 138.8 ± 0.99

3.3. Strength of the SLMed Alloy

Figure 8 shows the main effect diagram of the influence of the process parameters on
the tensile properties of the samples. When the laser power is 280 W, the tensile and yield
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strengths of the sample become the largest at 339 MPa and 153 MPa, respectively. With a
laser power of 160 W, the tensile and yield strengths of the sample are the smallest. This is
due to the increase in void defects at higher scanning speeds, which intensifies the initiation
and propagation of cracks. Figure 8b shows that as the scanning speed increases, the alloy’s
tensile and yield strengths show a slow downwards trend. This is because the increase in
scanning speed leads to instability of liquid relative flow, imbalance of the interface and
crystal failure. Figure 8c shows that as the hatching distance increases, the alloy’s tensile
and yield strengths decrease, but the decrease is smaller. Thus, the hatching distance has
little effect on the alloy’s tensile and yield strengths. In summary, there are differences in
the properties of CuCrZr alloys prepared with different process parameters.
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Figure 9 shows the stress–strain curves of CuCrZr alloys prepared by SLM under
different process parameters. It can be seen from the figure that the CuCrZr alloy has no
obvious yield stage. When the load reaches the maximum, the sample breaks immediately.
Sample No. 4 has the lowest energy density and the lowest tensile strength, with a tensile
strength of 235 MPa and an elongation of 6.91%. Sample No. 14 has the highest tensile
strength, with a tensile strength of 347 MPa and an elongation of 17.26%. It can be seen
from Figure 9a that when the laser power is 160 W, the tensile strength of the SLM formed
sample is low, and the elongation is small. As the laser power increases, the tensile strength
and elongation of the pattern generally increase. Sample No. 16 has the highest energy
density, and compared with other samples in group D, the tensile strength and elongation are
significantly reduced. The ultimate tensile strength and elongation generally show a positive
growth trend, that is, the greater the ultimate tensile strength, the greater the elongation.
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(a) Group A, (b) Group B, (c) Group C, (d) Group D.

Figure 10 shows a typical SEM image of the fracture of the CuCrZr alloy tensile sample.
Figure 10a–c show the fracture morphologies of sample No. 4 at low-magnification and
high-magnification, respectively. Figure 10a shows the poor metallurgical bonding of sample
No. 4 with many large irregular sizes defects on the surface of the tensile fracture. There are
many unmelted spherical powder particles in the interior and peripheral areas of the pores,
as shown in Figure 10b. Figure 10d–f are the low-magnification and high-magnification
fracture morphologies of Sample No. 14, respectively. The tensile fracture shows an obvious
necking phenomenon, and many micron-scale dimples appear, showing the characteristics
of ductile fracture. The structure shows that an increase in laser power can significantly
increase the tensile strength of the sample and significantly increase ductility.
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4. Conclusions

In this paper, the effects of process parameters (laser power, scanning speed and
hatching distance) on the relative density, hardness and tensile strength of SLM alloys were
studied through orthogonal experiments, and CuCrZr alloys with good comprehensive
properties were prepared. The main conclusions are as follows:

When the energy density is low, there are many irregular pores on the surface of the
tensile fracture, and a large number of unmelted spherical powder particles exist in and
around the pores. With the increase in energy density, the overall trend of sample relative
density is to increase first, remain stable, and then slowly decrease. The laser power is the
main factor that affects relative density, followed by scanning speed, and hatching distance
has the least influence.

The hardness of the alloy keeps rising, and the rate of increase decreases with the
increase in laser power. With the increase in scanning speed, the hardness of alloy increases,
and the increase rate decreases. The tensile strength and elongation of the alloy increase
with the laser power. When the laser power is 280 W, the scanning speed is 750 mm/s, and
the hatching distance is 0.07 mm; the alloy has the greatest ultimate tensile strength and
the highest elongation. The tensile fracture shows an obvious necking phenomenon, and
many micron-scale dimples appear, showing the characteristics of ductile fracture.

The optimal combination of process parameters in this paper is as follows: laser energy
is 240 W, scanning speed is 750 mm/s and hatching distance is 0.07 mm. Under these
parameters, the ultimate tensile strength and elongation of CuCrZr alloy are the highest,
reaching 347 MPa and 17.26%, respectively. However, its relative density is still lower
than that of Ti6Al4V and 316L prepared by SLM technology. Therefore, future work will
focus on improving the relative density and mechanical properties of CuCrZr alloy through
post-treatment.
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Abstract: Samples of 17-4PH high-strength steel were processed by selective laser melting (SLM) and
solution-processed. The effects of the solution temperature on the microstructure and mechanical
properties of the samples were studied. The 17-4PH high-strength steel is primarily composed of
martensite, with a small number of austenite phases, and contains many dislocations. After the
solution treatment, the grain size gradually increased, yielding typical martensite. The samples were
subjected to an aging treatment after the solution treatment. Precipitates formed in the samples,
conducive to improving their strength and hardness. The Vickers hardening and wear properties of
the 17-4PH high-strength steel samples first increased and then decreased with increasing solution
temperature. After the solution treatment at 1040 ◦C for 2 h and aging at 480 ◦C for 4 h, the Vickers
hardening of the 17-4PH high-strength steel increased to 392 HV0.5, and the friction coefficient
was approximately 0.6. These values were, respectively, 7% and 5% higher than those for the
untreated samples.

Keywords: 17-4PH; SLM; solution temperature; microstructure and properties

1. Introduction

The 17-4PH high-strength steel is a low-carbon martensitic stainless steel containing
nickel and copper that can be hardened by precipitation [1]. This stainless steel material
has high strength and strong corrosion resistance [2,3]. It is widely used in medical devices,
the chemical industry, automobile manufacturing, the military industry, the aerospace
industry, and the nuclear industry. Owing to the melting point of this material, it can
only be used for a long time at temperatures below 30 ◦C [4,5]. The intended application
conditions of this steel evolve and become more stringent; consequently, the performance
requirements become more demanding. The martensitic structure and the high hardness
caused by precipitation hardening increase the processing difficulty of this material [6,7].
The traditional high-temperature processing technology cannot meet the requirements of
the processing of parts, such as no casting process defects, and some complex parts [8].
This negatively affects subsequent deformation processing and heat treatment; as a result,
complex welded parts can easily accumulate stress. Therefore, selective laser melting (SLM)
forming technology was proposed in an attempt to address the forming problem [9]. SLM
uses a metal powder that melts and cools rapidly under the heat of a laser beam, which
overcomes the problems caused by traditional methods of manufacturing metal parts with
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complex shapes [10] The 17-4PH high-strength steel relies on the precipitation of the second
phase to strengthen the material [11,12]. Martensitic transformation and aging treatment in
order to form the precipitation hardening phase are the main strengthening methods [13]
Along with SLM, solution treatment and aging treatment of 17-4PH high-strength steels
also importantly affect SLM-based sample formation, with improved performance under
application and service conditions [14].

Yadollahi et al. [15] studied the effects of heat treatment and crack orientation on the
fatigue crack growth (FCG) behavior of 17-4PH stainless steel samples fabricated using a
laser powder bed fusion (LPBF) additive manufacturing (AM) system. Their experimental
results showed that following heat treatment, a large amount of delamination was observed
in the crack propagation region of the specimens with transverse cracks. When the crack
tip encountered a poorly bonded layer, a sudden deflection of the propagating crack also
occurred in the specimens with longitudinal cracks, which were formed due to insufficient
fusion or due to high residual stress. Qi et al. [14] studied the solution and aging treatments
of 17-4PH stainless steel samples in a vacuum and under hot isostatic pressing (HIPA,
HIPB, HIPC) conditions; the samples were prepared using SLM. The relative density, tensile
strength, and ductility improved following the solution and aging treatments performed
under the HIP conditions. Sun et al. [16] studied the effects of conventional solution
and precipitation hardening (H-900) heat treatments on the microstructure evolution of
17-4PH AM and wrought components. These microstructural studies demonstrated that
microstructures and hardnesses similar to those of wrought samples could be achieved in
17-4PH AM components by post-build heat treatments. Cheruvathur et al. [17] compared 17-
4PH AM with forging 17-4 PH in conventional production. The effects of post-build thermal
processing on the material microstructure were compared to those for conventionally
produced wrought 17-4 PH with the intention of creating a more uniform, fully martensitic
microstructure. Chung and Tzeng [18] studied the effect of aging treatment at 480 ◦C,
520 ◦C, and 620 ◦C on the microstructure and mechanical properties of metal injection
molding (MIM) 17-4PH. A large number of fine spherical ε-Cu precipitates on the lath
martensite matrix used to strengthen the MIM 17-4PH effectively prevented the movement
of dislocations and yielded the highest hardness after aging at 480 ◦C.

However, there are only a few systematic studies on the effect of solution temperature
on the microstructure and properties of 17-4PH. In this study, 17-4PH high-strength steel
samples were prepared by SLM and then heat-treated to improve their mechanical proper-
ties. The effects of the solution temperature on the microstructure, hardness, friction, and
wear and tensile properties of the SLM-formed 17-4PH samples were studied.

2. Experimental Procedures

The main chemical components (wt. %) of the 17-4PH high-strength steel powder
are listed in Table 1. During the experiment, 17-4PH high-strength steel powder was
screened, impurities in the powder were filtered out, and the filtered powder was put
into a drying box for drying treatment. After drying, there was no moisture in the metal
powder. In the experiment, EP-M150 selective laser melting forming equipment (Beijing
Eplus 3D Tech. Co., Ltd, Beijing, China) was used. The instrument was equipped with a
200 W/500 W water-cooled fiber laser with a laser wavelength of 1060–1090 nm, and the
protective atmosphere was argon. A chessboard-laser-scan strategy was adopted, and a
laser focus diameter at the powder bed of 70 µm was used. Moreover, the SLM process
parameters of the laser power (P), the scanning speed (v), the hatch spacing (h), and the
layer thickness (t) were used in the experiment, and their values are listed in Table 2.

Table 1. Chemical components (wt. %) of the 17-4PH high-strength steel powder.

Cr Ni Cu Si Mn Nb C Fe

14.10 3.94 5.64 0.47 0.37 0.21 0.07 balance
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Table 2. SLM processing parameters used to produce the specimens.

Laser Power
(W)

Scanning Speed
(mm·s−1)

Layer Thickness
(µm)

Hatch Spacing
(µm)

Energy Density
(J/mm3)

185 620 30 110 90.4

Moreover, the starting temperature Ms of the transformation from the austenite struc-
ture to the martensite structure is above room temperature. After heat treatment, all the
structures of the sample become martensite. However, when the solution temperature of
the heat treatment is too high, the martensite structure is uneven, the Ms point decreases,
the residual austenite increases, and the ferrite content also increases. All these make
the heat treatment effect worse. Therefore, the heat treatment system (solution-treated at
940 ◦C, 990 ◦C, 1040 ◦C, 1090 ◦C, and 1140 ◦C for 2 h) was selected based on comprehensive
consideration of these factors, and then the samples were quenched in water. After this
process, the samples were aged at 480 ◦C for 4 h. The heat treatment system is presented in
Table 3.

Table 3. The heat treatment system for the SLM-formed 17-4PH high-strength steel.

Number Heat Treatment System

#1 Solution 940 ◦C × 2 h (water cooling) + Aging 480 ◦C × 4 h (air cooling)
#2 Solution 990 ◦C × 2 h (water cooling) + Aging 480 ◦C × 4 h (air cooling)
#3 Solution 1040 ◦C × 2 h (water cooling) + Aging 480 ◦C × 4 h (air cooling)
#4 Solution 1090 ◦C × 2 h (water cooling) + Aging 480 ◦C × 4 h (air cooling)
#5 Solution 1140 ◦C × 2 h (water cooling) + Aging 480 ◦C × 4 h (air cooling)

The phase identification of the specimens’ surfaces (specimens’ dimensions: 10 mm
× 10 mm × 10 mm) was performed using X-ray diffractometry (XRD) (D/max-Rb; Kα1,
0.15408 nm; acceleration voltage, 40 kV; current, 100 mA; diffraction angle range, 20–110◦;
scanning speed, 3◦/min; Beijing Zhongke light analysis Chemical Technology Research
Institute, Beijing, China). The specimens were polished and etched with a solution of
4 g CuSO4 + 20 mL HCl + 20 mL H2O. The microstructure and distribution of elements
in the samples were examined through the use of a scanning electron microscope (SEM,
JSM-7900F, JEOL Co., Ltd., Tokyo, Japan) equipped with an energy-dispersive spectroscope
(EDS, JEOL Co., Ltd., Tokyo, Japan). The samples were processed to a thickness of 30 µm
and were further thinned using a precision ion-polishing system. Transmission electron
microscopy (TEM, JEM-2100F, JEOL Co., Ltd., Tokyo, Japan) observations were performed
using a field emission gun operating at an accelerating voltage of 200 kV. The hardening
behavior was measured using a Vickers hardness tester (HVS-1000, Shanghai Yanrun Light-
Machine Technology Co., Ltd., Shanghai, China) under a load of 0.5 N and a holding time of
15 s. The specimen surfaces were kept flat and smooth and were assessed at 10 equidistant
points. The mechanical properties of the samples were measured using an Instron 3382
mechanical properties testing system at room temperature (the strain rate was 1 mm/min,
and an overall outline of the dimensions of the tensile specimen is shown in Figure 1).
An HRS-2M high-speed reciprocating friction and wear tester (Lanzhou Zhongke Kaihua
Technology Development Co., Ltd., Lanzhou, China) was used for non-lubricated friction
and wear tests at room temperature. The load was 30 N, the friction speed was 300 t/s, the
friction length was 5 mm, and the friction pair was a Si3N4 ceramic ball with a diameter of
0.4 mm.
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Figure 1. An overall outline of the dimensions of the tensile specimen.

3. Results and Discussion
3.1. Effect of the Solution Temperature on the Microstructure

The TEM morphological images of the 17-4PH high-strength steel samples formed
by SLM are shown in Figure 2. As the TEM sample becomes thinner, perforations tend to
form in the fine grain at the boundary of the molten pool. Examining the TEM images, the
samples’ structure mainly included lath martensite with the body-centered cubic (BCC)
crystal structure and austenite grain with the face-centered cubic (FCC) crystal structure.
As shown in Figure 2a, the width of the lath martensite was 200–300 nm. As shown in
Figure 2b, the trace width of residual austenite along the boundary of the martensite lath
was 200–300 nm. The crystal structure of the martensite was BCC, and a high density of
dislocations was observed as shown in Figure 2c. Moreover, as shown in Figure 2d, many
spherical inclusions (with particle sizes in the 50–170 nm range) were also present in the
TEM images. According to the EDS composition analysis of the precipitates, the contents
of the O and Si elements were high, and these spherical inclusions were determined to be
Si-rich oxides.
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Figure 2. TEM images of the morphology of the 17-4PH high-strength steel formed by SLM:
(a) martensite; (b) austenite; (c) dislocation; (d) precipitates.

Barroux et al. [19] mention that the formation of these inclusions in the forming process
is considered a manufacturing defect, despite the use of protective gas. Si-rich oxide
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inclusions were formed during the SLM-based production. Such inclusions, considered as
manufacturing defects, were reported by several authors for 316 L stainless steel [20,21].

Figures 3 and 4 show the SEM morphology and XRD patterns of the 17-4PH high-
strength steel samples formed by SLM-based processing and subsequent heat treatment.
Because the transformation point temperatures of 17-4PH high-strength steel are 670 ◦C for
Ac1, 740 ◦C for Ac3, 140 ◦C for Ms, and 32 ◦C for Mf, the best performance requirements can
be obtained by adjusting different heat treatment processes. Figure 3a shows a sample that
was formed using SLM, and the structure is composed of lath martensite. Corresponding
to the XRD pattern shown in Figure 3b, the structure also features the γ-austenite peak.
After the heat treatment, the samples gradually formed a typical martensite microstructure
as the temperature of the solution treatment increased. As shown in Figure 3c, the grain
size increased as the solution temperature increased up to 940 ◦C, and all of the structures
were transformed into α-martensite, as shown in Figure 3d.
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Figure 3. SEM images of the morphology of 17-4PH high-strength steel: (a) SLM-processed;
(c) heat-treated in solution at 940 ◦C; (e) heat-treated in solution at 990 ◦C. XRD patterns of 17-
4PH high-strength steel: (b) SLM-processed; (d) heat-treated in solution at 940 ◦C; (f) heat-treated in
solution at 990 ◦C.
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Figure 4. SEM images of the morphology of 17-4PH high-strength steel: (a) heat-treated in solution at
1040 ◦C; (c) heat-treated in solution at 1090 ◦C; (e) heat-treated in solution at 1140 ◦C. XRD patterns
of 17-4PH high-strength steel: (b) heat-treated in solution at 1040 ◦C; (d) heat-treated in solution at
1090 ◦C; (f) heat-treated in solution at 1140 ◦C.

The structures were completely austenitized during the heating of the solution and
were transformed into lath martensite during the rapid cooling of the solution. When the
solution temperature was 1040 ◦C, as shown in Figure 4a, the original austenite grains
were arranged into package shapes (as indicated by the dotted line). Fine equiaxial grains
were observed in the structure (the circle mark in the figure). A weak peak of γ-austenite
was observed in the spectra of the specimens that were solution-treated at 1140 ◦C and
the XRD patterns are shown in Figure 4f. The main peaks of α-martensite, as well as fine
equiaxial grains, were observed (the circle mark in the figure). The starting temperature Ms
of the austenite-to-martensite transformation was above room temperature. The solution
temperature was too high; thus, Ms decreased and the retained austenite δ-ferrite also
increased, but the hardness decreased. At this temperature, the heat treatment effect was
not good. The orange arrows in Figures 3 and 4 indicate the precipitated phase. During the
aging process, the precipitation of precipitates such as ε-Cu was observed. A high density
of dislocations was observed in the martensite, which is conducive to the diffusion of the
copper phase. This is likely to improve the strength and hardness of the samples [18].

As shown in Figures 3 and 4, in terms of the XRD patterns, the structure of the
17-4PH high-strength steel samples formed by SLM consisted of the intensive and main
peaks of α-martensite and a weak peak of γ-austenite. A complete martensite structure
was achieved after the heat treatment. When the solution temperature reached 1140 ◦C,
the characteristic peak of γ (220) appeared again. Owing to the high temperature, Ms
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decreased, the temperature decreased, some austenite did not transform into martensite,
and the amount of residual austenite increased.

3.2. Effect of the Solution Temperature on the Other Properties
3.2.1. Microhardness

Figure 5 shows the hardness values of the studied 17-4PH high-strength steel samples
that were obtained using the SLM-based method and different solution treatment methods.
The hardness improved owing to the heat treatment (the horizontal build direction was
the X-Y section, and the vertical build direction was the X-Z section). When the solution
temperature was increased to 1040 ◦C, the X-Y section hardness of the alloy samples peaked
at approximately 392 HV0.5, while the X-Z section hardness peaked at approximately
381 HV0.5. Following that, the hardness of the alloy samples decreased as the solution
temperature increased. The increase in the samples’ hardness was due to the strengthening
effect caused by the complete martensite structure and small precipitates in the samples.
The hardness values for the X-Y sections and the X-Z sections of the untreated samples
that were made using the SLM-based method were the same. After the heat treatment,
the hardness values of the X-Y and X-Z sections were different; the hardness of the X-Z
section was lower than that of the X-Y section. For the solution temperature of 940 ◦C,
the hardness was in the 360 HV0.5–365 HV0.5 range, similar to that of the non-heat-treated
samples that were made using the SLM-based method. For the solution temperature of
1140 ◦C, the hardness of the X-Y section samples decreased to 383 HV0.5 and that of the
X-Z section decreased to 375 HV0.5. This was because, at a solution temperature that was
too high, the stability of the austenite increased and the transformation temperature Ms of
the martensite decreased, resulting in an uneven martensite structure, a higher amount of
retained austenite, higher ferrite content, and lower hardness. After the solution treatment,
the microstructure became hard-phase martensite. The dispersed precipitation hardening
phase that precipitates on the martensite lath during aging was shown to improve the
matrix hardness [22]. Additionally, many dislocations were observed in the structure,
which also affected the samples’ hardness.
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3.2.2. Wear Performance

Figure 6 shows the friction coefficient curves of the 17-4PH high-strength steel samples
formed using the SLM-based method and heat-treated at solution temperatures in the
940–1140 ◦C range. Smooth friction coefficient curves were observed. According to the
friction coefficient curves, for all samples, the friction coefficient tended to stabilize after the
initial run-in period. The friction coefficient of the untreated samples was approximately
1, while the friction coefficients of the samples obtained for the solution temperatures of
940 ◦C, 990 ◦C, and 1140 ◦C fluctuated strongly around 0.8. The friction coefficient of
the sample obtained for the solution temperature of 1040 ◦C increased rapidly during the
first 6 min, and tended to stabilize after 6 min. The average friction coefficient decreased,
the friction coefficient was approximately 0.6, and the antifriction performance improved.
During friction, the microstructure of the sample’s surface was plastically deformed, which
increased the actual contact area, resulting in a rapid increase in the friction coefficient. The
solution temperature was 1140 ◦C. Owing to the high solution temperature, the Ms point
decreased and the retained austenite δ-ferrite also increased. Austenite is a soft phase; thus,
the hardness decreased and the friction coefficient increased.
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Figure 6. The friction coefficient of SLM-formed samples and samples heat-treated at different
solution temperatures.

Figure 7 shows the SEM morphologies of the wear surfaces of the 17-4PH high-strength
steel samples obtained using the SLM-based method and heat-treated at different solution
temperatures in the 940–1140 ◦C range. The types of wear that manifested were abrasive
wear, adhesive wear, and fatigue wear. During friction, compressive and shear stresses
were generated on the samples’ surfaces. As shown in Figure 7a, the samples’ surfaces
became exfoliated, deformed, and scratched during the experiment, which led to the
obvious roughening and tearing of the surfaces, as well as to the generation of plate-like
wear debris. The material that was peeled off from the specimens’ surfaces owing to
the propagation of microcracks was the main reason for the observed high wear rates.
Figure 7b shows that the adhesive wear for the sample treated at 940 ◦C was the most
obvious, resulting in a large amount of adhesive fine debris. Figure 7c shows that for
the solution temperature of 990 ◦C, the hardness of the corresponding sample increased,
and the adhesive wear and lamellar phenomena decreased. Figure 7d shows that for
the solution temperature of 1040 ◦C, the surface of the corresponding sample was the
smoothest. Owing to the high hardness and the low degree of wear, the main wear types
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were abrasive and slight adhesive wear. When the strength of the adhesive joint was lower
than that of the two materials engaged in friction, shear occurred at the interface between
the two materials. At this time, although the friction coefficient increased, the amount of
wear was very small and the material transfer was minimal. Figure 7e shows that, for the
solution temperature of 1090 ◦C, the fatigue wear was clear, and the surface of the sample
could be peeled off in flakes, suggesting a high degree of damage. Figure 7f shows that,
for the solution temperature of 1140 ◦C, delamination occurred, yielding a large number
of loose wear particles. Some hard particles fell off and wore the surface materials of the
contact surface owing to extrusions or relative motion. There were two specific mechanisms
of plastic deformation and fracture during the wear process of abrasive particles. When the
surface plasticity of the material was high, the abrasive particles scratched, with most of
them producing grooves, and accumulation occurred on both sides. Subsequent repeated
friction experiments will flatten the accumulated debris. In this way, an external force
would eventually cause the formation of cracks and spalling.
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treated in solution at 990 ◦C; (d) sample heated-treated in solution at 1040 ◦C; (e) sample heated-
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3.2.3. Tensile Properties

Figure 8 shows the stress–strain curves of 17-4PH high-strength steel formed by SLM
and samples heat-treated at different solution temperatures in the 940–1140 ◦C range.
On the whole, the tensile strength of the specimens after heat treatment is improved
in different degrees compared with that before heat treatment. Particularly, when the
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solution temperature is 1040 ◦C, the trade-off between tensile strength and ductility is
better displayed (the tensile strength is 1180 MPa, the strain is 0.16). Compared with Li et al.
’s the tensile properties after the homogenizing heat treatment [23], the tensile properties at
the solution temperature of 1040 ◦C are mainly characterized by the fact that the tensile
strength is improved to a certain extent compared with that before the heat treatment
without sacrificing its toughness. Similarly, compared with Huber et al.’s modified heat
treatments (involving prolonged solution annealing and deep-cooling) [24], the trade-off
between tensile strength and ductility under the 1040 ◦C solution heat treatment in this
study was also improved.
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Figure 8. Stress–strain curves of SLM-formed specimens and heat-treated specimens.

Figure 9 shows the SEM morphology results for the tensile fracture of the 17-4PH
high-strength steel samples formed using the SLM-based method and processed at different
solution temperatures in the 940–1140 ◦C range. After heat treatment, the tensile strength
reached 1200 MPa. The elongation was in the range of 0.10 to 0.16. The tensile fracture
surface consists of three distinct regions: the fiber, radiation, and shear lip regions. Figure 9a
shows that many dimples and some micropores (orange arrows) formed on the surface of
the untreated SLM-formed sample, and the sample exhibited a ductile fracture. As shown
in Figure 9b, the sample that was treated at the solution temperature of 940 ◦C exhibited an
obvious cleavage surface (marked by the orange circle) and shallow holes. Dimples were
large and uneven, indicating a mixture of ductile and brittle fractures. With an increase in
the solution temperature (as shown in Figure 9c for the solution temperature of 990 ◦C), the
torn edge of the tensile part decreased and shortened, and the dimples became finer. As
shown in Figure 9d, when the solution temperature increased to 1040 ◦C, the dimples on the
fracture surface of the sample became similar in size and evenly distributed, which was also
the reason for the high degree of elongation. The fracture surface of the sample exhibited
an obvious necking phenomenon, which is a typical ductile fracture mechanism. As shown
in Figure 9e, for the solution temperature of 1090 ◦C, the tensile strength of the sample
increased, but the elongation decreased, resulting in a large number of cleavage surfaces
and holes in the sample. As shown in Figure 9f, for the solution temperature of 1140 ◦C,
the austenite in the sample structure reduced the strength of the material but improved the
plasticity, tensile rate, cleavage surface, and micropore content of the material. After the
heat treatment, the precipitated phase caused the formation of micropores during tension.
The speed of the microporous polymerization process affects the toughness of the sample.
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The samples’ good strength and toughness are related to their structural uniformity and
the presence of fine grains.
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Figure 9. SEM images of the morphology of the tensile fracture of 17-4PH high-strength steel formed
by SLM. (a) SLM-formed sample; (b) sample heat-treated in solution at 940 ◦C; (c) sample heat-treated
in solution at 990 ◦C; (d) sample heat-treated in solution at 1040 ◦C; (e) sample heat-treated in solution
at 1090 ◦C; (f) sample heat-treated in solution at 1140 ◦C.

4. Conclusions

In this work, the effects of solution temperature (solution treatment at 940 ◦C, 990 ◦C,
1040 ◦C, 1090 ◦C, and 1140 ◦C for 2 h and aging at 480 ◦C for 4 h) on the microstructure
and mechanical properties of 17-4PH high-strength steel samples that were obtained using
the SLM-based process. Based on the experimental results, the following conclusions
were reached.

First, the 17-4PH high-strength steel is primarily composed of martensite with a small
amount of austenite phase and many structural dislocations. After the heat treatment, the
martensite grain size increased gradually, and typical martensite microstructures emerged,
eventually yielding a single-phase martensite structure. When the solution temperature
was increased to 1140 ◦C, the Ms point decreased and the amount of retained γ-austenite
and δ-ferrite also increased, but the hardness decreased. White precipitates were observed
in the samples.

Second, the heat treatment improved the hardness, wear properties, tensile strength,
and ductility of the 17-4PH high-strength steel samples formed using the SLM-based
process. After the solution treatment at 1040 ◦C for 2 h and aging at 480 ◦C for 4 h, the
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Vickers hardness of the 17-4PH high-strength steel samples increased to 392 HV0.5, with a
7% improvement, and the friction coefficient was approximately 0.6, which was 5% higher
than that of the untreated samples.
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