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Micromechanics of Stress-Softening and Hysteresis of Filler Reinforced Elastomers with
Applications to Thermo-Oxidative Aging
Reprinted from: Polymers 2020, 12, 1350, doi:10.3390/polym12061350 . . . . . . . . . . . . . . . . 87

Gea Prioglio, Silvia Agnelli, Lucia Conzatti, Winoj Balasooriya, Bernd Schrittesser

and Maurizio Galimberti

Graphene Layers Functionalized with A Janus Pyrrole-Based Compound in Natural Rubber
Nanocomposites with Improved Ultimate and Fracture Properties
Reprinted from: Polymers 2020, 12, 944, doi:10.3390/polym12040944 . . . . . . . . . . . . . . . . . 107

Wenbo Luo, Youjian Huang, Boyuan Yin, Xia Jiang and Xiaoling Hu

Fatigue Life Assessment of Filled Rubber by Hysteresis Induced Self-Heating Temperature
Reprinted from: Polymers 2020, 12, 846, doi:10.3390/polym12040846 . . . . . . . . . . . . . . . . . 131

Khwanchat Promhuad and Wirasak Smitthipong

Effect of Stabilizer States (Solid Vs Liquid) on Properties of Stabilized Natural Rubber
Reprinted from: Polymers 2020, 12, 741, doi:10.3390/polym12040741 . . . . . . . . . . . . . . . . . 141

Mariapaola Staropoli, Dominik Gerstner, Aurel Radulescu, Michael Sztucki, Benoit Duez,

Stephan Westermann, Damien Lenoble and Wim Pyckhout-Hintzen

Decoupling the Contributions of ZnO and Silica in the Characterization of Industrially-Mixed
Filled Rubbers by Combining Small Angle Neutron and X-Ray Scattering
Reprinted from: Polymers 2020, 12, 502, doi:10.3390/polym12030502 . . . . . . . . . . . . . . . . . 151

Shota Akama, Yusuke Kobayashi, Mika Kawai and Tetsu Mitsumata

Efficient Chain Formation of Magnetic Particles in Elastomers with Limited Space
Reprinted from: Polymers 2020, 12, 290, doi:10.3390/polym12020290 . . . . . . . . . . . . . . . . . 167

v



Zhifei Chen, Shuxin Li, Yuwei Shang, Shan Huang, Kangda Wu, Wenli Guo and Yibo Wu

Cationic Copolymerization of Isobutylene with 4-Vinylbenzenecyclobutylene: Characteristics
and Mechanisms
Reprinted from: Polymers 2020, 12, 201, doi:10.3390/polym12010201 . . . . . . . . . . . . . . . . . 177

Christopher G. Robertson, Sankar Raman Vaikuntam and Gert Heinrich

A Nonequilibrium Model for Particle Networking/Jamming and Time-Dependent Dynamic
Rheology of Filled Polymers
Reprinted from: Polymers 2020, 12, 190, doi:10.3390/polym12010190 . . . . . . . . . . . . . . . . . 193

vi



About the Editors

Gert Heinrich

Gert Heinrich graduated at the University in Jena (G) in Quantum Physics in 1973. At the

University of Technology (TH) Leuna-Merseburg, he finished his doctorate in 1978 in polymer

network physics and his Habilitation in 1986 about the theory of polymer networks and topological

constraints. In 1990, he received a position at the tire manufacturer Continental in Hanover (G) as

a senior research scientist and the head of Materials Research. Heinrich continued his academic

activities as lecturer at Universities of Hanover (G) and Halle/Wittenberg (G). In 2002, he was

appointed as a full professor for “Polymer Materials and Rubber Technology” at the University of

Technology Dresden and as director of the Institute of Polymer Materials at the Leibniz Institute

of Polymer Research Dresden e.V. (IPF). Since 2017, he has been a Senior Professor. His work

has been recognized by several grants and awards, e.g., the George Stafford Whitby Award for

distinguished teaching and research from the Rubber Division of the American Chemical Society

(ACS); the Colwyn Medal in UK for outstanding services to the rubber industry; the Carl Dietrich

Harries Medal from the German Rubber Society; and the Lifetime Achievement Award from the Tire

Technology International Magazine.

Michael Lang

Michael Lang graduated at the University in Regensburg (G) in Physics in 2001 and finished his

doctorate about the formation and structure of polymer networks at the same place in 2004. After

a post-doc in the lab of Michael Rubinstein (UNC North Carolina), he joined the Leibniz Institute of

Polymer Research in Dresden in 2007 where he became deputy head of the theory department in 2015.

vii





Preface to “Elastomers: From Theory to Applications”

This Special Issue “Elastomers: From Theory to Applications” focuses on the current state

of the art of elastomers, both in modern applications and from a theoretical perspective. The

main characteristic of elastomer materials is the high elongation and (entropy) elasticity of these

materials, and the ability to swell multiple times in a suitable solvent. The use of filled elastomers,

especially of new kinds of elastomer nanocomposites, is of high interest for rubber technologies.

Nanostructured adaptable gels allow for the tailoring of responsive materials or filtering systems.

These materials enable widespread applications in engineering fields, ranging from modern tire

technologies to medical applications and consumer goods. Elastomers are also useful in various

biomaterial applications. Bio-elastomers are widely available in nature and have been shown to have

specific properties that are often far superior to their synthetic counterparts. Furthermore, nowadays,

additional functions play a major role in elastomeric composites, e.g., in the use of dielectric,

electrorheological, or magnetorheological elastomers for smart applications in soft robotics, etc.

All elastomers share typical features, such as entropy-driven elasticity, the presence of

entanglements, and topological constraints of network chain conformations. These features still offer

fascinating scientific challenges in the synthesis, characterization and application, as well as for the

theory of polymer networks and the cross-scale modeling of elastomeric materials, their polymeric

constituents and, finally, the corresponding solids under real-life conditions.

The series of papers within this Special Issue offer the latest research in several specific

sub-areas of elastomer research or review selected fields. The scope of the Special Issue encompasses

the leading scientific contributions in the synthesis, characterization, and theory of elastomers.

Of particular interest are new structures and functionalities incorporated into elastomers, leading

to enhanced properties of crosslinked elastomeric materials, and/or to a better understanding of the

structure–property relationships and application behaviour.

Thus, the present volume provides a comprehensive overview of the recent developments in the

field of elastomers and will be of interest to both academic researchers and industrial professionals.

G. H. acknowledges the DFG (German Research Foundation) Project 380321452/GRK2430 for

financial support.

Gert Heinrich and Michael Lang

Editors
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Theory of Flexible Polymer Networks:
Elasticity and Heterogeneities

Sergey Panyukov
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Abstract: A review of the main elasticity models of flexible polymer networks is presented. Classical
models of phantom networks suggest that the networks have a tree-like structure. The conformations
of their strands are described by the model of a combined chain, which consists of the network
strand and two virtual chains attached to its ends. The distribution of lengths of virtual chains in
real polydisperse networks is calculated using the results of the presented replica model of polymer
networks. This model describes actual networks having strongly overlapping and interconnected
loops of finite sizes. The conformations of their strands are characterized by the generalized combined
chain model. The model of a sliding tube is represented, which describes the general anisotropic
deformations of an entangled network in the melt. I propose a generalization of this model to describe
the crossover between the entangled and phantom regimes of a swollen network. The obtained
dependence of the Mooney-Rivlin parameters C1 and C2 on the polymer volume fraction is in
agreement with experiments. The main results of the theory of heterogeneities in polymer networks
are also discussed.

Keywords: elastomers; polymer networks; elastic modulus; loops; heterogeneities

1. Introduction

Polymer networks and gels belong to a unique class of materials that have the properties of both
solids and liquids. Such “soft solids” are elastically deformed at macroscopic scales, while at short
distances and short times the network strands experience liquid fluctuations, which are responsible
for the exceptional properties of polymer networks, such as the reversibility of huge deformations
(when stretched up to 3000%, see [1]).

In this work, I review the main microscopic (molecular) approaches to the description of the
elasticity of flexible polymer networks and establish relationships between these approaches. Phantom
networks are considered in Section 2, and networks with topological entanglements are studied
in Section 3. Spatial heterogeneities developed in swollen and deformed polymer networks are
investigated in Section 4.

The classical theory proposed by Flory more than half a century ago, Ref. [2] suggests that
polymer networks have a tree-like structure. Although this theory takes into account the presence of
loops in the network, it is assumed that they all are infinite in size. Such an approach is insufficient to
describe the thermodynamics of polymer networks with loops of finite size, and explicit consideration
of these loops is required. The mathematical model of such networks is based on the replica method.
This approach takes into consideration that the properties of the network depend not only on the
“current” conditions in which the network is placed but also on the conditions of its preparation since it
is these conditions that determine the molecular structure of the formed network. The replica approach
takes into account the excluded volume interaction of linear chains both at preparation and experiment
conditions by generalizing the theory of the “n → 0-component” field ϕ4 proposed by de Gennes.

Polymers 2020 , 12 , 767 ; doi:10.3390/polym12040767 www.mdpi.com/journal/polymers
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The main properties of the order parameter ϕ introduced for the description of such “soft solids” are
discussed in Section 2.

The conformations of the chains in the network are described by the combined chain model [3].
This model is based on the concept of virtual chains, which determine the effective elasticity of the
tree-like structures in the network. In polydisperse networks, the distribution of virtual chains is also
polydisperse. I show that the order parameter in the replica network model stores information about
this distribution. The found solution of the replica model is used to calculate the distribution function
of the lengths of virtual chains in polydisperse networks.

The structure of real networks differs significantly from the classical picture of ideal trees. Typical
loops of such networks have finite dimensions and strongly overlap with each other. The impact
of such loops on the conformations of the network chain is described by the extended combined
chain model [4]. I discuss the connection of this model with the predictions of the replica theory,
which offers an analytical description of such mutually overlapping loops. Along with typical loops,
the network may contain topological defects, which are also taken into account by the replica method.
The condition for the loss of elasticity by polymer networks, both due to the presence of topological
defects and near the gel point is discussed.

With an increase in the length of polymer chains, the effects of topological entanglements become
significant. The properties of entangled polymer liquids are significantly different from the properties
of entangled soft solids—polymer networks. While non-concatenated rings in the melt are compacted
into fractal loopy globules [5], internal stresses in stretched polymer networks prevent such a collapse.
Entangled networks are described by the non-affine tube model that generalizes the concept of virtual
chains to the case of entangled polymer systems [6]. I discuss the physics of deformation of network
strands in this model in Section 3.

Anisotropic deformations of the entangled network lead to slippage of chains along the contour
of the entangled tube, which is described by the slip tube model [3]. This model suggests the additivity
of the phantom and entangled contributions to the free energy of the network. Although this additivity
approximation describes well the uniaxial deformations of the network in the melt, it cannot be used to
describe the crossover of the Mooney Rivlin dependence between entangled and phantom deformation
regimes observed during swelling of the polymer network. I propose the generalization of the slip
tube model to account for this crossover and show that the obtained concentration dependences of the
Mooney-Rivlin parameters C1 and C2 are in agreement with the experimental data.

The irregularity of the molecular structure of polymer networks leads to the presence of spatial
inhomogeneities. The main results of the theory of heterogeneities in polymer networks are discussed
in Section 4.

2. Phantom Networks

The polymer network is obtained by crosslinking linear chains. In models of phantom polymer
networks, it is assumed that in the process of thermodynamic fluctuations, polymer chains can freely
“pass” through each other. The phantom approximation works well only for not too long network
strands; otherwise, topological restrictions related to the mutual impermeability of polymer chains
should be taken into account. In this section, I discuss the main approaches to the theoretical description
of phantom networks. The elastic free energy of a network of Gaussian chains is quadratic in the
deformation ratios λα = Lα/L0α of the network dimensions along the principal axes of deformation
α = x, y, z in the deformed state (Lα) and under conditions of its preparation (L0α):

Fph = G ∑
α

λ2
α − 1

2
(1)

The interaction of strand monomers is usually taken into account by imposing the
incompressibility condition

λxλyλz = 1/φ. (2)

2
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where φ is the polymer volume fraction. In the case of uniaxial deformation we have

λx = φ−1/3λ, λy = λz = φ−1/3λ−1/2. (3)

In the affine network model, it is assumed that the ends of each network strand are pinned to
a “non-fluctuating elastic background” which deforms affinely with the network surface [3]. The elastic
modulus of such a network is proportional to the density ν of its strands,

G = kTν (4)

and kT is the thermal energy. Equation (4) is attractive for its simplicity. However, in real networks,
the strand ends are not fixed in space—they are connected to neighboring strands through cross-links.
The elastic modulus G depends on the molecular structure of the network and the polydispersity of
its strands. At first glance, the “bookkeeping” of the order of connection of all network strands with
each other and the numbers of monomers of each of these strands seems impossible for networks of
macroscopic sizes. However, this is precisely what the replica method does.

2.1. Replica Method

The replica method was proposed a long time ago [7] and was used later to calculate correlation
functions of density fluctuations in polymer networks [8]. The main goal of this approach is to build
a mathematical model that takes into account most of effects inherent to real polymer networks.
Unlike widespread numerical simulations, which can also take these effects into account, the replica
method is an analytical theory, which is more amenable for understanding network elasticity as
a function of many different molecular features.

When the polymer network is deformed, its structure remains unchanged, formed under the
conditions of its preparation. The main idea of the replica approach is to consider the polymer network
in an expanded space with coordinates x̂ = (x(0), x(1), . . . , x(m)) of dimension 3(1 + m). The replica
space consists of an “initial system” under conditions of the network preparation (with coordinates x(0))
and m replicas of the “final system” under experimental conditions (with coordinates x(k), k = 1, . . . , m),
see Figure 1.

Figure 1. The replica system consists of the initial system (k = 0)—the polymer network at
preparation conditions (blue cube) and m identical replicas of the final system (k = 1, . . . , m)—the
network, deformed by factors λα along the principal axes α = x, y, z of deformation (yellow cuboids).
The polymer network in the replica space of dimension 3(1 + m) is mainly localized inside the (green)
cylinder with the diameter R � aN̄1/2 directed along unit vectors {êα}, corresponding to affine
deformation of the polymer. The networks (and all their monomers and strands) in the initial system
and any of the m replicas of the final system are the projections of the network in the replica space onto
the corresponding subspaces k = 0, . . . , m.

3
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In each of these systems, the polymer network with all of its monomers and bonds is the projection
of the network in the replica space onto the corresponding subspaces. Therefore, in all these systems,
the network structure is exactly the same, while the conformations of network strands can vary
significantly. The free energy F of the final system (a deformed network) is expressed through the
analytic continuation to m = 0 of the free energy Fm of the replica system [8,9]:

F = lim
m→0

dFm

dm
. (5)

2.2. Liquid-Solid Order Parameter

According to de Gennes, polymer networks are “soft solids”, which emphasizes the presence
of liquid and solid-state degrees of freedom interacting with each other. In the Landau approach,
solids are described by an order parameter—a number (in general case, a tensor), equal to zero
for a liquid and nonzero only in the solid phase. Unlike ordinary low molecular weight solids,
the properties of polymer networks depend on the characteristics of both the initial and final systems.
Therefore, the order parameter for polymer networks is not a number, but a function of the difference
of coordinates x(k)α − λαx(0)α of final and initial systems. This dependence reflects the dual nature of
polymer networks: At scales larger than the characteristic size of the network cycles, the network
deforms affinely as an ordinary solid, see Figure 1. On a smaller spatial scale, the network chains
fluctuate in space and have conformations similar to the chains in a polymer liquid. The unique
properties of polymer networks are determined by the interaction of their solid-state and liquid
degrees of freedom [10].

In the liquid phase, the order parameter is independent of coordinates. In the case of Gaussian
polymer networks, the order parameter ϕ (ς) is a function of a single variable

ς =
1
2

[
x̂2 − ∑α

(êαx̂)2
]

, (6)

where êα is a unit vector along the direction x(k)α = λαx(0)α of the affine deformation in the replica space.
At ς = 0 (that is, at x(k)α = λαx(0)α ), the order parameter ϕ (0) is determined only by the conditions of
the network preparation and does not depend on the experimental conditions. This last dependence
is encrypted in the dimensionless order parameter χ (t) = ϕ (ς) /ϕ (0) which is the function of the
dimensionless variable t = ς/R. In the case of well-developed networks obtained by crosslinking
polymer chains with f -functional monomers far beyond the gel point, the characteristic radius is
R � bN̄1/2, see Figure 1. Here b is the monomer size and N̄ is the average number of network
strand monomers.

In the case of monodisperse networks, the function χ (t) was calculated by Edwards (see
Equation (3.19) of Ref. [11]):

χ (t) = e−
f−2
f−1 t (7)

In the case of polydisperse networks, this function χ (t) is determined by the differential equation
(see Appendix A)

tχ′′ (t) = χ (t)− χ f−1 (t) (8)

For large t � 1, the function χ (t) decreases more slowly compared to the monodisperse case (7),
as a stretched exponent

χ (t) ∼ t1/4e−2t1/2
(9)

For small t, the solution of Equation (8) can be approximated by a power function

χ (t) � (1 + ct)−k (10)

4
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Substituting it in Equation (8) and equating to zero the first two expansion coefficients (t and t2)
in powers of t, we find

k =
3

f − 2
, c =

( f − 2)2

f + 1
(11)

The replica method is also called “replica trick” because of the hidden meaning of its mathematical
constructions. As will be shown below, Equation (8) describes the relationship between distribution
functions of the molecular trees that characterize the structure of the polymer network. Note that
Equation (8) is obtained by estimating the Hamiltonian (A2) in the Appendix A using the steepest
descent method. Therefore, it corresponds to the mean-field approximation, which works due to the
presence of a large number of overlapping network strands.

2.3. Overlap Parameter

Like in liquid polymer systems, in a typical network there are many overlapping network strands.
An important characteristic of the network is the overlap parameter, which is defined as the number of
network strands within the volume R3 pervaded by one network strand. In the case of a solution of
chains with monomer density ρ(0), P(0) � ρ(0)R3/N. In Gaussian networks, the size of the network
strand with Kuhn length b is R � bN1/2, and

P(0) � ρ(0)b3N1/2 (12)

with a large parameter P(0), polymer networks obtained far from the gel point can be considered as
P(0) overlapping yet independent “elementary” networks, the strands of which consist of N monomers.
There is on the order of one network strand per volume R3 in the “elementary” network, and its elastic
modulus is estimated as Gelem � kT/R3, kT is the thermal energy. Since the real network consists of
P(0) overlapping elementary networks, its elastic modulus is P(0)-times larger [12]:

G = P(0)Gelem � kTρ(0)/N (13)

The polymer network can also be represented as P(0) polymer trees (or “layers”) overlapping
with each other. The perfect network model assumes an infinite number of layers, and also that
these trees have an infinite number of generations. In real networks P(0) < Pe is finite and not
too large (the entanglement overlap parameter Pe ∼ 20–30, see Section 3 below), and the different
root trees are interconnected by loops. The number of network strands forming a closed loop of
minimum length, which binds together different layers of the network, depends logarithmically on the
overlap parameter [4],

l ≈ 1
f − 1

ln P(0) (14)

The case P(0) ≈ 1 with the loop size l ≈ 1 describes the “elementary networks” in Equation (13).
In accordance with the results of numerical simulations [13], the loop length l decreases with dilution
and with increasing functionality f of cross-links. Note that the minimal size loops do not directly
determine the network elasticity since each elastically effective chain is simultaneously part of a large
number of loops. The cumulative effect of these typical loops of the network is self-averaged, and can
be described in the effective mean-field approximation, see Equation (37) below.

The overlap parameter also determines the density fluctuation of the network obtained in the case
of incomplete conversion above the gel point, at p > pc. In the mean-field approximation, the density
of gel monomers is

ρ
(0)
g � (p − pc) ρ(0), (15)

5
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and its connectivity radius is estimated as ξ � b [N/ (p − pc)]
1/2. Fluctuations in the number of

monomers of the polymer network on the scale of the connectivity radius occur by attaching or
detaching sol molecules with a characteristic number of monomers

L � N/ (p − pc)
2 (16)

Therefore, relative fluctuations in the gel density are estimated as

δρ
(0)
g

ρ
(0)
g

� L

R3
bbρ

(0)
g

� 1

(p − pc)
3/2 P(0)

, (17)

In the case of a large overlap parameter, these fluctuations are small outside the narrow
Ginzburg region,

p − pc �
(

P(0)
)−2/3

(18)

2.4. Combined Chain Model: Monodisperse Networks

The elasticity of the polymer network has an entropic origin and is determined by the change in
strand conformations during the network deformation. The conformations of a strand depend on its
interaction with the elastic environment, which can be described by virtual chains attached to the ends
of this strand. The network strand together with the two virtual chains is called a combined chain.
The ends of this combined chain are attached to an affine deformable non-fluctuating background,
see Figure 2b.

Figure 2. (a) The model of perfect network with tree-like connection of network strands (solid curves)
and infinite size loops (dotted lines). (b) A network strand with N monomers can be considered as a part
of the combined chain, connected through two effective chains with n monomers (dashed green curves)
to the non-fluctuating background. (c) Actual network with finite size loops. (d) The combined chain
consists of three effective chains. The filled circles and crosses indicate cross-links and nonfluctuating
background, respectively. The end-to-end vector of the combined chain X deforms affinely with
network deformation.

In the perfect network model, it is assumed that the network has a tree structure, whereas all its
cycles are of infinite size, see Figure 2a. Each of the trees attached to the ends of the network strand
is modeled by a virtual chain. The effective number n of its monomers is related to the numbers ni
of virtual chain monomers on the next generation of the tree i = 1, . . . , f − 1 and the corresponding
numbers of strand monomers Ni as

1
n
=

f−1

∑
i=1

1
mi

, mi = Ni + ni (19)

6
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In the case of a monodisperse network with a fixed number Ni = N of monomers of its strands,
all ni = n and the solution of Equation (19) determines the number of monomers of the virtual chain [14]

n = N/ ( f − 2) (20)

The average vector R between the ends of the network strand is determined from the force balance
condition. In the case of a monodisperse network,

R =
X

1 + 2n/N
(21)

where n is the number of monomers of the virtual chain, Equation (20). The mean square fluctuation
of the vector R is determined by the parallel connection of the real chain and two serially-connected
virtual chains 〈

(ΔR)2
〉
=

b2

1/N + 1/ (2n)
=

2
f

b2N (22)

The vector X between the ends of the combined chain is deformed affinely with macroscopic
network deformation. The elastic modulus of the perfect network with monomer density ρ(0) and
chain concentration ρ(0)/N is

G =
kTρ(0)/N

1 + 2n1/N
= kTν

(
1 − 2

f

)
(23)

Here ν = ρ(0)/N is the concentration of strands and (1 + 2n1/N)−1 is the strand fraction of the
combined chain. A comparison of expressions (23) and (4) shows that the elastic modulus of the perfect
network is less than the modulus of the affine network by a factor of 1 − 2/ f . It is generally accepted
that the 2/ f factor is associated with the presence of fluctuations in the strand size, which are also
proportional to this factor (see Equation (22)). In fact, fluctuations have nothing to do with it [15]:
an exact elastic modulus of Gaussian phantom network is different from that of the perfect network
model and coincides with the elastic modulus of the classical non-fluctuating grid, in which each
strand is replaced by a corresponding elastic thread with the same elastic stiffness coefficient [16].
This coincidence is due to affine deformation of the average distances between the cross-links in
such networks.

Equation (23) can be recast in more general form with the network modulus proportional to the
difference of the number densities of network strands ν and cross-links μ = 2ν/ f , since there are f /2
strands per crosslink [14]:

G = kT (μ − ν) (24)

This expression is quite universal; with general densities ν and μ, it describes polydisperse networks,
as well as networks with incomplete conversion, prepared above the gel point far from the Ginzburg
region defined by Equation (18). In general, μ − ν makes a sense of the cyclic rank of the network
of unit volume. To define it, mentally cut one of the strands so that the network does not break into
two disconnected parts. The cyclic rank is equal to the maximum number of such cuts, and it makes
sense the number of independent network loops. An important limitation of expression (24) is the
assumption of a model of perfect networks about the infinite sizes of all of the network cycles.

In real networks, not all loops transmit stress in the network. For example, primary loops,
connected to the network at only one crosslink, are not capable of permanently supporting
a stress. To exclude the contribution of such elastically ineffective loops and dangling chain ends,
it was proposed to account in Equation (24) only for the elastically effective strands and crosslinks.
Elastically effective strands deform and store elastic energy upon network deformation [17]. Elastically
effective crosslinks connect at least two elastically effective strands [18]. The elastic modulus of real
networks can significantly differ from such a modified expression (24), since each of finite size loops is

7



Polymers 2020 , 12 , 767

characterized by its “elastic effectiveness”, which depends on the type of the loop. The replica method
provides a universal tool for accounting for such effects, see Equation (37) below.

2.5. Combined Chain Model: Polydisperse Networks

Real networks are polydisperse, and therefore, the numbers of monomers n of virtual chains are
random variables. Information on the distribution of the lengths of virtual chains is important for
studying the distribution of tension in real chains of the network. Below I calculate the distribution
function p (n) of virtual chain lengths. The distribution of inverse variables s = 1/n is described by
the function

q (s) =
1
s2 p

(
1
s

)
, s =

1
n

(25)

Appendix B provides an algorithm for calculating this distribution for an arbitrary distribution
P (N) of the number of monomers N of the real network strands. The problem is reduced to solving
a system of nonlinear integral equations. In the most interesting case of the exponential distribution
P (N) = e−N/N̄/N̄, the asymptotic behavior n � N̄ of the solution of these equations can be found

p (n) ∼ e−( f−1)2n/N̄ (26)

Of course, knowledge of only asymptotic is not enough to describe conformations of a chain in
the polydisperse network. The replica method offers a much more constructive approach, allowing us
to calculate this function over the entire range of n values. One can show, generalyzing calculations of
Ref. [9] that the distribution function q (s) in Equation (25) is determined by inverse Laplace transform
of the function χ f−1 (t) with the dimensionless order parameter χ (t) = ϕ (ς) /ϕ (0),∫

q (s) e−sN̄tds = χ f−1 (t) (27)

Due to the boundary condition χ (0) = 1 for the function χ (t), the distribution function
q (s) is normalized to unity. To better understand the meaning of Equation (27), we substitute the
exponential function χ (t) for the monodisperse networks, Equation (7), into this equation. The result
is a δ-functional distribution,

q (s) = δ [s − ( f − 2) /N] , (28)

in accordance with expression (20) for the number of monomers n = 1/s of virtual chains.
In the case of polydisperse networks, this correspondence, Equation (27), establishes a connection

between the standard method of distribution functions and the replica approach. Since χ f−1 (t) is the
Laplace transform of the convolution function χ̃( f−1) (t) (see Appendix B), the function χ (t) is the
Laplace transform of the distribution function χ̃ (s′) defined by Equation (A7). Equation (8) for this
function corresponds to Equation (A8) of the replica approach for the exponential distribution of the
numbers of monomers of real strands.

Substituting the asymptotic expression (9) for the function χ (t), into Equation (27), we find a more
accurate asymptotic expression for the distribution function

p (n) � 1
N̄

( n
N̄

) f /2−1
e−( f−1)2n/N̄ , n � N̄

( f − 2)2 (29)

Using the function χ (t) from Equation (10), we get

p (n) � c
N̄Γ [( f − 1) k]

(
N̄
cn

)k( f−1)+1

e−
N̄
cn (30)

8
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Thus, the distribution p (n) of virtual chains vanishes with all its derivatives as n → 0 and
decreases exponentially on the scale N̄/ ( f − 2)2 for large n. Calculating the average number of
monomers of the virtual chain with the distribution (30), we find

n̄ � f + 1
2 f − 1

N̄
f − 2

(31)

Note that the obtained distribution of the lengths of the virtual chains is narrower than the initial
distribution of the lengths of the network strands.

2.6. Generalized Combined Chain Model

A perfect network assumes a tree-like structure on all spatial scales. In real networks, due to
the excluded volume effect, trees cannot “grow” to infinity (the Malthus effect), since too large trees
cannot fit in real 3D space. Therefore, in real networks, the size of a typical tree is finite, and the
network consists of a large number of loops of finite length, see Figure 2c. They are strongly overlapped
and interconnected with each other. The impact of such typical loops, which are responsible for the
solid-state elasticity of the network, can be described by the generalized combined chain model.

In this model, in addition to two virtual chains of n1 monomers, the combined chain includes
an additional virtual chain of n2 monomers, see Figure 2d. This virtual chain represents an effective
elastic of all loops of finite size in the network, shunting the real strand of N monomers. The average
end-to-end vector R of the network strand is related to the end-to-end vector X of the combined chain
via the force balance condition, generalizing Equation (21):

R =
X

1 + 2n1 (1/N + 1/n2)
. (32)

In this model, the mean square fluctuation of the vector R is

〈
(ΔR)2

〉
=

b2

1/N + 1/ (2n1) + 1/n2
=

b2

1/N + 1/ (2n)
(33)

The second equality can be treated as the contribution of two effective virtual chains connecting
the network strand to the non-fluctuating background. They have renormalized number of monomers

2n =
2n1n2

2n1 + n2
, (34)

corresponding to parallel connection of two effective chains: with 2n1 and n2 monomers.
The elastic modulus of this model is

G =
kTρ(0)/N

1 + 2n (1/N + 1/n2)

1
1 + N/n2

(35)

The factor (1 + N/n2)
−1 is the fraction of energy related to the network strand when it is

connected in parallel with the effective chain of n2 monomers, see Figure 2d. This result can be
rewritten in the form

G =
kTρ(0)

N + 2n
− kTρ(0)

N + n2
. (36)

where 2n is the number of monomers of the effective virtual chains, Equation (34). The first term in
this expression has the same meaning as for the perfect network in Equation (23). The negative second
contribution in Equation (36) is due to the finite size of typical loops in the network. The number of
monomers of the shunt virtual chain, n2, can be calculated using the replica method.

9
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2.7. Finite-Size Loops of Real Networks

In real networks, there are always cyclic defects of finite dimensions. Sparse structural defects
can be taken into account within the framework of the perfect network model, assuming that they are
connected with the affinely deformed non-fluctuating background through the root trees. These trees
can be modeled by the virtual chains [3]. Since part of the network strands is “spent” on creating the
cyclic fragment itself, the length of the effective chain linking this fragment to the elastic non-fluctuating
background is different from Equation (20). In polydisperse networks, the distribution function of
such virtual chains is determined by Equation (27), in which f − 1 has the meaning of the number of
branches on the first generation of this tree. In the ideal defect gas approximation, the contribution
of the structural defects to the elastic modulus of a perfect network was calculated in works [19–22].
Note that typical network loops are ignored in this approximation, which takes into account only
explicitly treated loops of small concentration.

In real networks, there are both loops, binding different network layers (see Equation (14)) and
topological defects, which are not sparsely distributed. The replica method allows calculating the
effect of both typical loops and cyclic defects of arbitrary concentration on the elasticity of the network.
The elastic modulus of the network obtained by random end-linking polydisperse chains by cross-links
with functionality f and concentration ρ

(0)
f and cyclic fragments with functionality { fi} and arbitrary

concentrations
{

xiρ
(0)
f

}
is [4]

G = kTρ
(0)
f

f /2 − 1 + ∑i ( fi/2 − 1) xi
1 + ∑i ixi

− kTv(0)ρ(0)
Q (0)

2
(37)

The functionality fi of the cyclic defect defined as the number of “external” network strands
joined to the cyclic fragment. For the ring fragment with i “internal” strands and cross-links,
fi = i ( f − 2), since two of the functional groups of each cross-link are involved in creating the
ring. In the case of incomplete conversion, p < 1 (but still far from the gelation threshold, |1 − p| � 1),
in expression (37), instead of functionalities f and fi, their average values should be substituted,
p f and p fi. Such a dependence of the network elastic modulus on the conversion is in agreement with
numerical simulations of Gaussian networks, performed in Ref. [16].

The fractions xi of cyclic defects (small fragments of the network with i � 1 “internal” cross-links)
depend on the type of reactions leading to the formation of the network [23,24]. All xi universally
depend on one dimensionless parameter x1 characterizing the conditions for network preparation [25].
The primary loops with concentration x1 are tied to the network at only one crosslink. The denominator
of the first term in expression (37) describes an increase in the effective number of monomers between
cross-links due to primary loops, N̄ → N̄ (1 + x1). Therefore, although primary loops cannot bear
shear stress in the network, they renormalize the length of the elastically effective chains, which deform
and store elastic energy upon network deformation [7,9].

For general f > 2, the first term in Equation (37) can be interpreted as the contribution of
elastically effective network strands with renormalized number of monomers due to the presence
of topological defects in the network—primary loops and cyclic fragments of finite size. Only this
contribution is predicted in the classical model of phantom networks. Its expansion in a series in the
parameters xi with accuracy up to first order terms reproduces the result of the so-called “network
theory with strand pre-strain” [21]. At network preparation conditions, the strands of a cyclic fragment
are contracted and the surrounding strands are stretched (pre-strained) with respect to Gaussian sizes
of these chains [22]. These effects are “automatically” taken into account in the framework of the
replica approach in Equation (37).

The last term in Equation (37) is always negative and gives an impact of a large number of typical
loops of the network. The factor Q (0) in the second term of expression (37) determines the probability
of the formation of typical closed loops. These loops shunt elastically effective chains of the network,
an effect that is taken into account by an additional effective chain in the model of the generalized
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combined chain in Figure 2d. Unlike perfect networks, the monomers of real networks mutually
repel each other, “crowding out” the network loops on small length scales, see Figure 2. Therefore,
the elasticity of a polymer network, Equation (37), explicitly depends on excluded volume parameter
v(0), characterizing monomer interaction at the preparation conditions. This effect is ignored by the
classical theory of polymer networks.

Note that the elastic modulus of the polymer network G in Equation (37) vanishes at a finite
fraction x1 of cyclic fragments. Such a network with overlap parameter P(0) � 1 has tree-like
connections of overlapped cyclic fragments with a finite monomer density. To better understand
this result, we compare it with the more familiar case of a disordered low-molecular-weight solid. In
this case, the network fragments cannot overlap since the overlap parameter P(0) = 1. Therefore, the
elastic modulus turns to zero only at the point of percolation transition, at which the network density
also vanishes.

A similar effect was observed in numerical simulations of networks obtained near the gel point,
which is an analog of the percolation transition in low-molecular-weight solids. It is shown that the
elastic modulus of such networks vanishes at a finite density of the network monomers [26]. One can
estimate the corresponding shift in critical conversion pcμ at which G = 0, compared with the gel point
at the conversion pcγ, at which the average degree of polymerization of soluble molecules diverges.
For end-linked networks, the looping probability is Q (0) � (bN1/2)−3 ∼ 1/(NP(0)). Dropping all the
numerical factors, we find from Equation (37) the mean-field estimate for the elastic modulus

G � kT
ρ
(0)
g

L
− kT

ρ
(0)
g

NP(0)
(38)

Here L � N/ (p − pcγ)
2 and ρ

(0)
g � (p − pcγ) ρ(0) is the density of gel monomers,

see Equations (16) and (15). Therefore, G = 0 at pcμ − pcγ ∼ 1/
√

P(0), in accordance with the
result of numerical simulations [26]. A more rigorous description of this effect requires the inclusion of
fluctuation corrections. Inside the strongly fluctuating Ginzburg region, Equation (18), the overlap
parameter of elastically effective chains is small (which is why strong density fluctuations develop in
this region), and they can be described by critical exponents of percolation theory, see Reference [26].

3. Entangled Networks

The physics of topological entanglements is perhaps one of the most “entangled” sections of
physics of polymer networks since it is impossible to give a sufficiently rigorous and constructive
formalism that adequately describes entanglements for networks of macroscopic size. Therefore,
the consideration of topological entanglements is usually carried out using some uncontrolled
assumptions, allowing to switch from substantially “multi-chain” problem to considering the
conformations of one network strand. The transfer of elastic shear stresses from individual strands of
a network to its solid-state degrees of freedom (represented by the affinely deformed non-fluctuating
background) is described by virtual chains. In phantom networks, such a transfer is performed
only through cross-links at the strand ends. In entangled networks, the stress is carried by all
entangled segments of the strand due to its topological interaction with the loops formed by adjacent
network strands.

Entangled segments are characterized by the large overlap parameter

Pe � ρ(0)b3N1/2
e (39)

where Ne is the number of monomers of the entangled strand. In the case of flexible polymers,
the parameter Pe � 20–30. The number of monomers in an entanglement strand Ne and the overlap
parameter Pe depend on the polymer chemistry [27].
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As shown in [5], in the melt of non-concatenated rings the condition Pe = const is satisfied at all
scales down to the distance a0 � bN1/2

e between adjacent entanglements. Entangled loops of different
sizes overlap with similar size loops at the same overlap parameter Pe. As a result, ring molecules are
packaged into the self-similar structures called fractal loopy globules. Unlike ordinary globules,
in which chains with Gaussian statistics experience random reflections from the surface of the
globule, the ring chains in the fractal loopy globules are not Gaussian and form loops at all scales,
starting from a size

a0 � bN1/2
e (40)

of the entangled segment. Ring sections with the number of monomers g < Ne smaller than
entanglement strands are still Gaussian with size r � bg1/2. Larger subsections of a ring are compressed
with fractal dimension d f = 3 and size

r � a0 (g/Ne)
1/3 , a0 < r < R (41)

up to the size R of a loopy globule in a melt

R � bN1/3N1/6
e (42)

Large typical values of the parameter Ne � 1 allow developing the mean-field theory of
entanglements in polymer networks, since the total effect of large number Pe � 1 of loops interacting
with the entanglement segment is effectively averaged. The strands of the entangled polymer networks
are confined in an effective entangled tube with a diameter a, which, under the conditions of the
network preparation, is equal to the size a0 of the entangled segment. The tube rotates by a random
angle of about 90◦ on the scale a0, see Figure 3a.

Figure 3. Nonaffine tube model. (a) In an undeformed state, the chain fluctuates in entangled tube
of diameter a0 (b) The tube diameter az in the stretching direction is less than the affine length Ra f f

z .
The dashed lines show the trajectory of the primitive path, which is obtained by smoothing the affine
deformed coordinates of the original Gaussian chain on the tube diameter scale a.

In the case of networks obtained by crosslinking a melt of linear chains, the presence of
a large number of overlapping entangled chains allows using the mean-field approximation.
In this approximation, topological interactions are described by virtual chains attached to all monomers
(s = 1, . . . , N) of the chain with coordinates x(s). The elastic energy of Gaussian virtual chains is

∑
s

3 (r (s)− X (s))2

2b2N2
e

(43)

Here rα (s) = xα (s) /λα and Xα (s) (α = x, y, z) are undeformed coordinates of two ends of the
s-th virtual chain. As shown in [3], with this choice of the potential of virtual chains, they do not
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contribute to the elastic stress of the polymer network, which is determined only by the contribution
of all real polymer chains.

3.1. Physics of Entangled Network Deformation

Consider the case of a highly entangled network, N/Ne � 1, with many entanglements
per network chain. As shown in [28], the network deforms affinely like a solid only at spatial
scales exceeding the affine length Ra f f

α , see Figure 3. On shorter scales, chains take on liquid-like
conformations. In the case of anisotropic deformation of the gel by the ratios λα along the axes
α = x, y, z, the affine length is also anisotropic and depends on the direction α:

Ra f f
α � λαa0 (44)

We define an affine strand of the size Ra f f
α directed along the axis α, which consists of Na f f

α

monomers and deforms by the stretching ratio λα. The number of chain entanglements does not
change upon network deformation; therefore, the diameter of the deformed tube aα is equal to the
size of the entangled segment of Ne monomers. In the stretched network this segment is a section of
a longer stretched affine strand of size Ra f f

α > aα:

aα � Ra f f
α

(
Ne/Na f f

α

)
(45)

Fluctuations of the affine strand b
(

Na f f
α

)1/2
are limited by entanglements and therefore equal to

the tube diameter
b
(

Na f f
α

)1/2 � aα (46)

The solution of Equations (45) and (46) is

Na f f
α = λαNe (47)

Thus, the entanglement efficiency decreases with a network stretching, and the entanglements are
not effective at Na f f

α > N; such an entangled network behaves like a phantom one. The free energy of
the entangled network is estimated as the elastic energy of all its stretched entangled segments,

Fe

V
� ρkT

Ne
∑
α

(
Ra f f

α

)2

a2
α

� ρkT
Ne

∑
α

λα (48)

A more rigorous estimate for the free energy of the non-affine tube model with the number of
monomers of the chain N � Ne gives [29]

Fe

V
=

ρkT
2Ne

∑
α

(
λα +

1
λα

)
, (49)

This expression includes an additional to Equation (48) contribution ∼1/λα describing the
compression of the chain in the tube.

3.2. Slip-Tube Model

This model generalizes the nonaffine tube model by taking into account the slippage of chains
along the tube contour. In the case of anisotropic deformation of the network, its chains are more
stretched in the direction of maximum extension relative to other directions. The increased chain tension
in this direction draws the chain from the tube segments along these directions. The redistribution
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of the chain length between different sections of the tube is taken into account by renormalization of
parameters of the non-affine tube model for each direction of deformation

λα → λα/g1/2
α , N → N/gα (50)

The parameters gα are normalized by the condition of preserving the full length of the chain,

∑
α

gα = 3 (51)

and in the case of uniaxial deformation, Equation (3), there is only one independent redistribution
parameter gz:

gx = (3 − gz) /2 (52)

In addition to the above renormalization of Equation (49), the free energy of this model has an
entropic contribution taking into account the chain slippage along the tube,

Fe

V
=

ρkT
2Ne

∑
α

(
λα

g1/2
α

+
g1/2

α

λα

)
− ρkT

3Ne
∑
α

ln gα, (53)

The parameters gα are found by minimizing the free energy (62), and the minimization
equation reads as

hz (gz) = hx (gx) , hα (gα) =
∂

∂gα

Fe

νkT
(54)

The elastic stress of the slip-tube model is

σe
αα

νkT
=

λα

νkT
dFe

dλα
. (55)

The effect of entanglements substantially depends on the degree of network stretching, and the
chains of strongly stretched networks become effectively phantom. Such a crossover from entangled
to affine behavior is usually described using the assumption of additivity of the phantom and affine
contributions to the free energy:

F = F ph +Fe (56)

This assumption also leads to the additivity of the corresponding contributions to the elastic tensor,

σαα = σ
ph
αα + σe

αα (57)

In the case of uniaxial network deformation, Equation (3), a convenient representation of stress
is the Mooney ratio of the total stress σzz − σxx to the functional dependence λ2 − λ−1 predicted by
phantom network models:

f ∗
(

λ−1
)
=

σzz − σxx

λ2 − λ−1 (58)

As was shown in Ref. [3], the Mooney plot of the experimental data is well described by the slip
tube model.

3.3. Crossover from Unentangled to Entangled Regimes

The Mooney-Rivlin dependence (58) is usually fitted by the phenomenological equation

f ∗
(

λ−1
)
� 2C1 + 2C2/λ (59)
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It is usually assumed that the parameter 2C1 is only due to chemical cross-links, while the
parameter 2C2 includes all of the entanglement contributions. According to the non-affine tube model,
part of the entanglement contribution is also included in the parameter 2C1[6].

In this section, we study the concentration dependence of the Mooney-Rivlin coefficients.
Although the free energy additivity approximation (56) can be used to describe the polymer network
in the melt, a refined theory should be developed to find the Mooney dependence in the entire
concentration range. The importance of such a study is emphasized by the fact that the networks
prepared near the crossover from unentangled to entangled regimes are a fairly typical case.

Consider a network, consisting of ν Gaussian chains with N monomers whose endpoints are
displaced affinely with the global deformation of the network. We assume that each chain of this
network is confined in an effective “non-affinely deformed” tube, described by the virtual chain’s
potential (43). The free energy of this model is calculated as the sum of contributions of all its strands
and is found in Appendix C:

F
νkT

= ∑
α

(
λ2

α − 1
2

kα

tanh kα
+ ln

sinh kα

kα

)
, (60)

where kα = N/ (Neλα). In the “phantom” limit N � Na f f
α = λαNe Equation (60) turns into the free

energy of affine network model, Equation (4). In the limit of strongly entangled networks, N � Na f f
α ,

this expression reproduces the free energy of the non-affine tube model, Equation (49). The first term
in Equation (60) can be rewritten as (

λαR0

R f l,α

)2

(61)

where R0 = bN1/2 is the chain size under network preparation conditions and R f l,α is the fluctuation
size in the α-direction, equal to R0 in the phantom regime and the tube diameter aα in the entangled
regime. The logarithmic term in this expression describes the entropy of the chain compression
in the tube.

By renormalizing the parameters of this model (50) to take into account the effect of chain
redistribution in the entangled tube, and adding the contribution of entropy of slippage along the
tube (53), we arrive at the expression for free energy

F
νkT

= ∑
α

(
λ2

α − gα

2
kα

tanh kα
+ gα ln

sinh kα

kα
− N

3Ne
ln gα

)
, (62)

Solving equations (54) for this model, we find the stress (55) in the polymer network, which
determines the Mooney-Rivlin dependence (58). The parameter C2 (φ) of this dependence is
determined by the expression

2C2 (φ) =
d f ∗

(
λ−1)

dλ−1 . (63)

We plot the dependences C1 (φ) and C2 (φ) (63) for λ−1 = 0.7 and N/Ne = 2.4 in Figure 4.
The parameter C1 of the Mooney-Rivlin dependence (59) weakly depends on the polymer volume
fraction φ. In accordance with the experimental data [30], the dependence of the parameter C2 on φ is
almost linear, and C2 vanishes at φ � 0.2. The vanishing of C2 at finite φ is related to the transition
between phantom and entangled regimes. When the polymer swells, its chains move away from each
other, which leads to a weakening of the effective topological potential that holds the chains in the
tube. Chain fluctuations in this potential increase with the swelling and can reach the fluctuations
of the phantom chain. This concentration corresponds to the disappearance of the contribution of
entanglements to the network elasticity and the vanishing of the Mooney-Rivlin coefficient, C2 = 0.
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benzene
carbon tetrachloride
petroleum ether (60/80)
nitrobenzene
decane

Figure 4. Dependence of the Mooney-Rivlin coefficients C1 (φ) (upper curve) and C2 (φ) (lower curve)
on the volume fraction of polymer φ: theory (solid curves) and experimental data (points, Kg/cm2) for
swollen rubber [30].

4. Heterogeneities in Polymer Networks

Network inhomogeneity is a common feature of polymer networks and gels due to the
randomness of the crosslinking process and the presence of additional topological defects such as
dangling chain ends, cross-linker shortcuts, and chains forming loops. The origin of nanostructural
inhomogeneities and their characterization by light, neutron, and X-ray scattering as well as by NMR
spectroscopy and optical, electron, and X-ray microscopies is reviewed in Ref. [31], and the main
methods of their study are outlined in the review [32]. The first attempts to take such heterogeneities
into account were made by using the model of randomly cross-linked networks containing fractal
regions, such as percolation clusters [33]. Networks with fractal heterogeneities can be swollen and
deformed by unfolding the fractal regions without significant elastic entropy penalty [34]. It is shown
that strong heterogeneities lower the shear modulus of the network if a part of strands is so short to be
considered rigid and not able to deform. Networks with a large number of such very short strands
have higher breaking energies.

The effect of entanglements on heterogeneities in polymer networks is studied in Ref. [35]
using molecular dynamics simulations of polymer networks made by either end-linking or randomly
crosslinking a melt of linear precursor chains. The end-linking leads to nearly ideal monodisperse
networks, while random cross-linking produces strongly polydisperse networks. It is shown that the
microscopic strain response, the diameter of the entanglement tube, and stress–strain relation weakly
depend on the linking process by which the networks were made.

The replica method was used in Ref. [28] to calculate the characteristic size and amplitude of the
spatial nonuniformities of the network due to defects of its structure and topological restrictions. Using
this method it is shown that inhomogeneities can arise as consequences of a stretching of polymer
networks [36]. Although the replica theory [8] provides a complete solution of the statistical mechanics
of polymer gels, it uses replica trick which is unfamiliar to the majority of people in the polymer
community. A more intuitive phenomenological approach capturing all the main physical ingredients
of the complete theory is developed in Ref. [37].

4.1. Theory of Heterogeneities in Polymer Networks

In this section, we review the main results of the theory of random spatial heterogeneities
developed in swollen and deformed polymer networks [38]. The non-triviality of this problem stems
from the fact that information about network structure is “encrypted” in the pattern of cross-links
joining polymer chains, which represent a very small fraction of the network volume. The initial
crosslinking pattern is reproduced only partially due to thermal fluctuations arising in the new
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equilibrium state after crosslinking. Conformations of polymer strands in such networks with fixed
topological structure can be varied in a wide range depending on experimantal conditions.

The density profile of monomers in the polymer network can be recovered from the Fourier
component of the deviation of the density from its average value ρ:

ρ(x) = ρ +
∫

ρ̃ (q) eiqx dq

(2π)3 = ρeq(x) + δρ(x) (64)

Here, δρ(x) are random deviations (due to thermal fluctuations) of the density from the
equilibrium density profile ρeq(x) describing spatial inhomogeneities in polymer networks. The
fluctuation contribution to the free energy of the network with a given distribution of monomer density
can be represented as the sum of the entropy contribution and the (osmotic) contribution of volume
interactions ∼ v:

F [ρ̃] =
kT
2

∫ [
|ρ̃ (q)− ñ (q)|2

g̃ (q)
+ v |ρ̃ (q)|2

]
dq

(2π)3 (65)

Here ñ (q) is the density profile in the “elastic reference state” [37], maximizing the entropy of the
polymer network. The density ñ (q) is determined by the molecular structure of the network and it
vanishes in the short-wavelength limit q � R−1, since solid-state degrees of freedom are determined
only at length scales exceeding the monomer fluctuation radius R. On a smaller scale, the gel has
liquid degrees of freedom, contributing to the temperature structural factor

g̃ (q) = ρN

[
1

Q2/2 + (4Q2)−1 + 1
+

2Q2

(1 + Q2)2(λ · Q)2

]
(66)

The first term in square brackets determines the contribution of the liquid degrees of freedom
of the polymer network. The dimensionless wavevector Q = Rq is normalized by the monomer
fluctuating radius, and the vector λ · Q has components

(
λxQx, λyQy, λzQz

)
. At large Q � 1 the term

Q2/2 in the denominator of the first term of the right hand side of Equation (66) gives the usual Lifshitz
entropy of polymer solutions, g̃ (q) = 2ρN/Q2 [39]. The term (4Q2)−1, first introduced by de Gennes
for heteropolymer networks [40], describes the suppression of density fluctuations on length scales
larger than the monomer fluctuation radius R. The second term in square brackets in Equation (66)
determines the contribution of solid-state degrees of freedom of the polymer network. It remains finite
in the long-wavelength limit and retains its angular dependence on the anisotropic deformation even
in the limit q → 0.

Equilibrium monomer density profile is found by minimizing the free energy (65)

ρ̃eq (q) =
ñ (q)

1 + vg̃ (q)
(67)

As can be seen from Equation (67), in good solvent with positive excluded volume v > 0,
the equilibrium density profile is more homogeneous than that of the corresponding elastic reference
state. The excluded volume interaction suppresses not only thermal fluctuations in the polymer
network, but also frozen-in spatial inhomogeneities. Although the static spatial fluctuations are
permanent inhomogeneities, they can reversibly increase and diverge at the spinodal line, at which
vg̃ (0) = −1. This observation is experimentally confirmed in Ref. [41].

In (ergodic) heterogeneous systems, there are two types of averages, i.e., the thermal or time
averages and ensemble or space averages, denoted by 〈X〉 and X, respectively. The Fourier component of
the thermal correlator of density fluctuations δρ (x) = ρ (x)− ρeq (x) is found by averaging with the
Gibbs weight e−F [ρ̃]/kT , Equation (65):

D̃ (q) =
〈
|δρ̃ (q)|2

〉
=

g̃ (q)
1 + vg̃ (q)

(68)
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Therefore, in addition to permanent spatial heterogeneities, a polymer network undergoes thermal
dynamical density fluctuations which diverge at the spinodal line.

All information about the heterogeneity of the molecular structure of the network is contained
in the monomer density ñ (q) in the “elastic reference state”, which can be considered as a random
variable characterized by a correlator

ν (q) = ñ (q) ñ (−q) =
1

(1 + Q2)2

[
6ρN +

9
λxλyλz

S̃(0) (λ · q)

]
(69)

Therefore, it is important to understand the physical meaning of the different terms of
this expression:

Each of two factors (1 + Q2)−1 describes the thermal “smearing” of the density response to
random stresses in the polymer network. The first term in square brackets comes from the correlator
of frozen random stresses, which exist even in a homogeneous polymer network. Such stresses appear
due to heterogeneities in the distribution of cross-links. The second term in brackets in Equation (69),
which is proportional to the correlator of the affine deformed density pattern in the reference state
S(0) (λ · q), strongly depends on network preparation conditions.

(1) In the case of cross-linking in a melt, density fluctuations are suppressed and S̃(0) (q) = 0.
The fact that ν (q) does not vanish upon swelling of such a network, despite the absence of density
fluctuations at the preparation conditions, means that there are still inhomogeneities in the crosslink
density, which manifest themselves upon swelling.

(2) In the case of instant cross-linking of a semi-dilute polymer solution, S̃(0) (q) is given by the
Ornstein-Zernicke expression

S̃(0) (q) =

〈∣∣∣δρ̃(0) (q)
∣∣∣2〉 =

ρ(0)N
v(0)ρ(0)N + Q2/2

, (70)

which is finite for any second virial coefficient v0 at network preparation conditions.
(3) In case of equilibtium chemical cross-linking, the total structure factor of the gel in the state of

preparation is determined by the expression for the polymer liquid, Equation (70), with renormalized
excluded volume parameter, v(0) → v(0)ren = v(0) − (ρ(0)N)−1. The decrease in v(0) is due to the fact
that the monomers forming cross-links give an additional attractive contribution to the effective
second virial coefficient v(0)ren. The amplitude of heterogeneities increases when approaching the
cross-link saturation threshold at v(0)ρ(0)N = 1 at which both the structure factor S(0) (q → 0) and the
characteristic size of heterogeneities at preparation conditions

ξ ∼= R/
√

v(0)ρ(0)N − 1

diverge.
The theory also predicts the appearance of a maximum degree of spatial gel inhomogeneity at

a critical polymer network concentration, as confirmed by experiments on PAAm gels [42,43].

4.2. Scattering Intensity

The scattering intensity on wavevector q is proportional to the structure factor, which is given
by the sum

S̃ (q) =
〈
|ρ̃ (q)|2

〉
= D̃ (q) + C̃ (q) (71)

of contributions of the thermal fluctuations, Equation (68), and the inhomogeneous equilibrium density
variations due to defects of the topological structure of the network,
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C̃ (q) =
∣∣ρ̃eq (q)

∣∣2 =
ν (q)

[1 + vg̃ (q)]2
(72)

where bar means ensemble average.
The experimental data can be visualized using contour plots of neutron scattering from random

inhomogeneities of network structure in anisotropic-deformed swollen gels [44]. Under uniaxial gel
stretching, an increase in the scattered intensity on small wave vectors q in the stretching direction is
observed, which is enveloped by elliptical patterns at larger q values with a maximum oriented normal
to this axis. This behavior is opposite of what is expected in theories assuming only thermal fluctuations
and is called “abnormal butterfly patterns”. The elliptical patterns at large wavevector q originate from
the correlator of static inhomogeneities, Equations (72) and (69), which contains the term S0 (λ · q) that
“remembers” the affinely deformed inhomogeneous structure of the network. The butterfly patterns
along the stretching axis in the small q range is due to strong angular dependence of the thermal
structure factor, (68). This function comes into numerator of the thermal correlator in Equation (68),
describing “normal butterfly patterns”. At high cross-link concentrations the correlator of static
inhomogeneities gives the main contribution to the scattering intensity. Since the function g̃ (q) is
included in the denominator of Equation (72), this expression describes the so named “abnormal
butterfly patterns”. As a result, under uniaxial extension, a crossover from normal to abnormal
butterfly scattering patterns occurs with an increase of the strength of inhomogeneity or the swelling
ratio [45]. In addition to such butterfly scattering patterns, the theory also predicted “Lozenge” patterns
if only part of all network chains, i.e., their deuterated fragments, could scatter neutrons, in accordance
with scattering experiments [46].

The static inhomogeneity in poly (N-isopropyl acrylamide) gel (PNIPA) has been investigated in
Ref. [47] by the methods of small-angle neutron scattering (SANS) and neutron spin echo. The obtained
SANS scattering amplitude S̃ (q) was successfully decomposed into the thermal and static components,
respectively, D̃ (q) and C̃ (q) in Equation (71). It was revealed that C̃ (q) becomes dominant in the
q-region, where the abnormal butterfly scattering under stretching is observed. As the temperature
increases toward the temperature for volume phase transition, C̃ (q) approximated by the square of the
Lorentzian shape increases more drastically than D̃ (q) of the Lorentzian shape. These experimental
findings are also well described in the theoretical framework of this section.

In Ref. [48] gels prepared by two cross-linking methods were studied using SANS technique.
One is chemical cross-linking with BIS and the other is gamma-ray cross-linking of a PNIPA solution.
It is shown that the degree of the inhomogeneity is much larger in chemically cross-linked gels
than in the gamma-ray cross-linked gels. The experimental data are in quantitative agreement with
predictions of the theory of scattering intensity S̃ (q) on chemically and instantaneously cross-linked
gels, respectively.

4.3. Heterogeneities in Charged Gels

A study of the structure factor of weakly charged polyelectrolyte gels under uniaxial stretching
was performed by Mendes et al. [49], who observed after introducing ions to the gel, the disappearance
of the “butterfly pattern” in the small angle scattering intensity, as well as an increase in the scattering
intensity in the direction perpendicular to the gel stretching. The origin of this maximum has been
elucidated in SANS experiment by Shibayama et al. who studied the deformed state of weakly charged
polymer gels PNIPA/AAc [50]. In this experiment, an anisotropic scattering maximum is observed,
which indicates that the spatial distribution of the charged groups changes as a result of gel deformation
and therefore is strongly coupled with the static inhomogeneities.

All the observed patterns of SANS intensity were well reproduced using a generalization of the
above theory to the case of charged polymer networks [51]. The only effect of electrostatic interactions
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is to replace the excluded volume parameters v(0) and v with effective virial coefficients for both the
final state and for the state of preparation:

v → v (q) ≡ v + 1/sDH (q) ,

v(0) → v(0) (q) ≡ v(0) + 1/s(0)DH (q)

where
1

sDH (q)
=

4πlBα2

κ2 + q2

is the inverse of the Debye-Hückel structure factor, κ−1 is the Debye screening length, α is the degree
of ionization (fraction of charged monomers) and lB is the Bjerrum length. s(0)DH (q) is obtained by
substituting κ = κ(0) and α = α(0) into the above equation. As shown in Ref. [52], the above theoretical
prediction for S (q) well reproduces the observed scattering intensity functions of wekly charged
PNIPA/AAc gels.

In general, an introduction of cross-links to a polymer solution leads to an increase in the scattering
intensity due to static inhomogeneities. However, a reverse phenomenon, called the “inflection” in
scattering intensity, was predicted by the above theory [53] and observed in weakly charged gels and
polymer solutions [54]. While the gel becomes more inhomogeneous with increasing the degree of
cross-linking in a good solvent, the inhomogeneities can be suppressed in a poor solvent, although in
a relatively small regions of cross-link concentration. However, this phenomenon is interesting due to
its physical significance.

4.4. Good Solvent: Scaling Approach

Earlier in this paper, we considered the networks with Gaussian chains obtained in the melt or
the θ-solution of linear chains. In general, polymer networks can also be obtained by crosslinking
semi-diluted polymer solutions. The networks can be placed in a good solvent, in which the polymer
chains swell compared to the case of theta solvent. This section explains the basic ideas of the scaling
approach to describing networks prepared/swollen in a good solvent.

The mean-field approach can be adapted to descripbe the elasticity of such gels [55] using the
well-known de Gennes blob picture of semi-dilute solutions [56]. The key idea is the spatial scale
separation: while static density inhomogeneities exist only on scales comparable to or larger than the
monomer fluctuation radius R, thermal density fluctuations are dominated by smaller scales and are
quite similar to those in semi-dilute polymer solutions.

Consider a gel prepared by random cross-linking of chains in a semi-dilute polymer solution in
a good solvent at the monomer density ρ(0) that is swollen to density ρ < ρ(0). The monomer density
fluctuations should be taken into account both in the initial (where the gel was prepared) and in the
final (where it is being studied) states of the gel. On length scales shorter than the correlation lengths
in these states,

ξ(0) = b−5/4
(

ρ(0)
)−3/4

and ξ = b−5/4ρ−3/4, (73)

density fluctuations are large, and the gel behaves like a polymer solution (“liquid-like” regime).
On scales exceeding the blob sizes (the corresponding wave vectors q(0) = 1/ξ(0) and q = 1/ξ), density
fluctuations are small, and the mean-field description with appropriately renormalized parameters
can be used [8]

b(0) → b(0)ren = b
(

ρ(0)b3
)−1/8

,

b → bren = b
(

ρb3
)−1/8

, λα → λαb(0)ren/bren
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where the subscript ren stands for renormalized values that differ from the “bare” ones.
The renormalized second virial coefficients v(0)ren and vren are:

v(0) → v(0)ren = b3
(

ρ(0)b3
)1/4

, v → vren = b3
(

ρb3
)1/4

(74)

Equations (73) and (74) complete the renormalization of the mean-field theory: in order to describe
a gel in a good solvent on length scales larger than the thermal correlation length, one only have
to replace the bare parameters in the previously derived expressions for the free energy, correlation
functions, etc., by their renormalized values.

4.5. Amplification of Cross-Linking Density Pattern

Is it possible to “write” some “useful” information in a polymer network cross-link pattern,
and under what conditions it can be “read” back? The answer to this question is given in Ref. [57].
After the formation of a homogeneous (on length scales large compared to its “mesh” size R) network,
large-scale patterns can be generated in it by further cross-linking followed by swelling (and possibly
stretching) of the network, which leads to a nonuniformly swollen gel. This additional cross-linking
can be done by adding light-sensitive cross-links to the transparent network. By focusing the laser
beam in the regions inside the gel, it is possible to “write” information into the gel structure in the
form of 2D or 3D patterns of cross-link density.

It was shown that although such information is hidden at the preparation conditions, it can be
reversibly “developed” by gel swelling, since unobservable variations of the cross-link density in the
melt are transformed into observable variations of monomer density in the swollen gel. The gel regions
with increased cross-link concentration can be considered as inclusions with enhanced elastic modulus.
It has been shown that in swollen gels that stretch isotropically upon absorption of the solvent,
the observed monomer density pattern is an affinity stretched initial cross-linking pattern. Such gels
can serve as a magnifying glass that enlarges the initially written pattern without distorting its shape.
The corresponding magnification factor can be very large in the case of super-elastic networks.

A strong enhancement of the contrast between the high and the low monomer density regions can
be obtained by placing the gel in a poor solvent with a negative second virial coefficient v < 0.
The observable image becomes distorted, especially near the edges and corners of the pattern.
Gel boundaries should be fixed in order to avoid its contraction. Gel contraction can also be prevented
by focusing a laser beam only on a part of the localized pattern and heating it, resulting in a local
change of the quality of solvent.

5. Discussion

Despite its more than half-century history, even now the theory of polymer network elasticity
asks more questions than it gives answers. In this work, we tried to bridge the gap between the main
developed approaches, which allowed us to give answers to some of these questions.

In real networks, there are both topological defects and typical loops, which are not
sparsely distributed. Using the replica method, the cumulative effect of a large number of strongly
overlapping typical loops of finite size can be described in the effective mean-field approximation.
This approximation works for polymer networks due to large overlap parameter of network strands,
P(0) � 1, see Equation (12).

In the replica approach, the properties of polymer networks are described by the liquid-solid
(sol-gel) order parameter ϕ1 (ς), which is actually not a parameter, but a function of the variable ς,
and is determined by a complex integro-differential equation. The only, but very important exception
is the elastic modulus, which is expressed through the value of the order parameter at ς = 0, and the
corresponding equations for ϕ1 (0) become algebraic. This greatly simplifies the calculations of the
elastic modulus of the network with an arbitrary number of cyclic fragments of finite size. In contrast
to the classical theory of phantom networks, the mean field of loops, ϕ1 (0) explicitly depends on the

21



Polymers 2020 , 12 , 767

excluded volume parameter v(0) and the density of monomers ρ(0) at network preparation conditions.
This dependence takes into account the limitations imposed by the packing of highly overlapping
typical loops in real 3D space on the molecular structure of the network being formed.

The resulting elastic modulus of real networks has two main contributions, see Equation (37).
The contribution of elastically effective network strands is taken into account in the classical model of
phantom networks. The classical expression for this contribution is renormalized due to the presence
of topological defects in the network—primary loops and cyclic fragments of finite size. The second
contribution to the elastic modulus is always negative and gives an impact of a large number of
typical loops of the network. It describes the effect of shunting of the elastically effective chains by
finite size polymer loops and depends on the interaction of monomers at the preparation conditions
of the network.

Both contributions to the network elastic modulus can be represented by the generalized combined
chain model with an additional effective chain (see Figure 2b) that accounts the cumulative effect
of finite size loops in real networks. The virtual chains transmit local stresses from the network
fragments to the solid-state degrees of freedom of such soft solids. We established the connection of the
distribution function of the lengths of virtual chains with the order parameter of the replica network
model and calculated this distribution function for the exponential distribution of the lengths of the
network strands.

We also proposed a generalization of the slip tube model of entangled polymer networks,
which allows us to describe the crossover between the entangled and phantom regimes of network
swelling. The dependence of the Mooney-Rivlin parameters C1 and C2 on the polymer concentration
calculated for this model is in agreement with the experiments.

Although from the very beginning the heterogeneities were recognized as one of the most essential
features of gels [58], it took long time to formulate their theoretical description due to complexity
of this problem. Up to today, the understanding of the gel structure has greatly improved owing to
both theoretical developments and a large number of experimental studies. Effect of cross-links on
heterogeneous structure of polymer gels, abnormal butterfly patterns, microphase separation, and so
on, are well understood with the aid of the theretical approaches discussed in Section 4.

The list of remaining questions is much longer:
Polymer networks can be obtained by crosslinking semidiluted polymer solutions. How does

a strong nonlinear deformation of such networks occur in the phantom regime? How do such
networks fracture when they are strongly stretched? The molecular theory (Lake-Thomas model)
of the fracture of dry networks is constructed in Ref. [59]. What happens when compressing such
networks? What is deformation mechanism of heterogeneous super-tough networks, kinetics of
crack growth and phase transitions in such networks? Stress-induced microphase separation in
multicomponent networks was studied in [60]. What is the effect of microphase separation on the
elasticity of such networks?

These and many other questions are still awaiting answers.
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Appendix A. Replica Model of the Network

Consider a network prepared by random end-linking a solution of polydisperse linear chains by
f -functional cross-links. Following the idea of ϕ4 formulation of the excluded volume problem [56],
we introduce n → 0 component field, ϕ (x̂) in the replica space with components ϕi (i = 1, . . . , n),
which is related to the monomer density in this space as

ρ(x̂) =
1
2

ϕ2 (x̂) =
1
2

n

∑
i=1

ϕ2
i (x̂) . (A1)
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Unlike the main text, in this Appendix the symbol n is used only to indicate the number of components
of the field ϕ. The free energy Fm of the network in the replica system is described by Hamiltonian

H [ϕ] =
∫

dx̂

[
1
2

μϕ2 +
b2

2

(
∇̂ϕ
)2 − z f

f !
ϕ

f
1

]

+ ∑
k

∫
dx(k)

v(k)

8

[
∏
l �=k

∫
dx(l)ϕ2

]2

. (A2)

Here, ∇̂ is the gradient of the variables x̂, μ is monomer chemical potential and z f is the fugacity of
f -functional cross-links. The last sum in Equation (A2) describes the two-body monomer interaction
in the initial system characterized by the excluded volume parameter v(0) and in final systems
(k = 1, . . . , m) with the excluded volume parameters v(k) = v.

In the mean-field approximation, the steepest descent value of the field ϕ1 is found from the
extremum of Hamiltonian in Equation (A13). The field ϕ1(x̂) has the meaning of the order parameter
of the liquid-solid (sol-gel) phase transition. The steepest descent solution ϕ1 (ς) > 0 depends on
a single variable ς, Equation (6). At ς = 0, the differential Equation (8) for this function becomes
algebraic, an explicit solution of the minimum conditions is found

ϕ1 (0) =

[
( f − 1)!

N̄z f

]1/( f−2)

, (A3)

In the limit m → 0, the dimensionless order parameter is determined by differential Equation (8).
The free energy of the network depends only on ϕ1 (0). Substituting Equation (A2) into Equation (5),
we find the free energy of the network[8]:

F = V(0)G
[
∑α

λ2
α

2
+ ln

(
aN1/2

)]
(A4)

with the elastic modulus
G
kT

= ρ
(0)
f

(
f
2
− 1
)

, (A5)

where ρ
(0)
f is the cross-link concentration.

Appendix B. Distribution of Virtual Chains

According to Equation (19) the distribution function q (s) = χ̃( f−1) (s) of the inverse number of
monomers s = 1/n can be presented as a convolution of f − 1 distribution functions χ̃ (s′) of random
variables s′ = 1/m. The multiple convolution is defined recurrently as

χ̃(k) (s) =
(

χ̃(k−1) ∗ χ̃
)
(s) ≡

∫ s

0
χ̃(k−1) (s − s′

)
χ̃
(
s′
)

ds′ (A6)

The distribution function χ̃ (s′) of an individual branch of the tree is related to the distribution
function π (m) of the inverse values m = 1/s′ by an equation similar to Equation (25):

χ̃
(
s′
)
=

1

(s′)2 π

(
1
s′

)
(A7)

Finally, the distribution function π (m) of the monomer numbers m = N + n of one branch is
a convolution of distribution functions of the monomer numbers of the network strands P (N) and
virtual chains p (n),

π (m) = (P ∗ p) (m) =
∫ m

0
P (m − n) p (n) dn (A8)
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Equations (25) and (A6)–(A8) completely determine the distribution function p (n) of the number
of monomers n of virtual chains for a given distribution function P (N) of the number of monomers N
of real network strands. The only problem is solving this system of nonlinear integral equations. Here
the replica method comes to the rescue, see Appendix A.

Appendix C. Free Energy of Entangled Networks

The network free energy for given positions of attachment points X(s) of virtual chains to the
affinely deformed background is

F [X] = −νkT ∑
α

ln
∫

Dxα(s)e−Hα [xα ]/kT , (A9)

Hα [xα]

kT
=

N∫
0

ds
{

3ẋ2
α

2b2 +
3[xα(s)/λα − Xα(s)]2

2b2N2
e

}
. (A10)

The simplest way to calculate the above integral is to use the normal mode expansion of the chain
trajectories, which satisfy the boundary conditions xα(N) = λαXα(N) and xα(0) = λαXα(0) (X (s) are
the positions of attachment points of virtual chains in the undeformed network):

xα(s) = λαRα
s
N

+ ∑
ω

x̃α (ω) eiωs, ω =
2πk
N

, k = ±1, · · · (A11)

where Rα = Xα(N)− Xα (0) and

Xα(s) = λαRα
s
N

+ ∑
ω

X̃α (ω) eiωs, x̃α (−ω) = x̃∗α (ω) , X̃α (−ω) = X̃∗
α (ω) . (A12)

The mode with ω = 0 is excluded from the summation because it corresponds to the translational
displacement of the chain, which is prohibited in the network. Substituting the above expressions into
Equation (A10) we get

Hα [xα]

kT
=

3R2
α

2b2N
λ2

α +
3

2b2 ∑
ω �=0

[
ω2|x̃α (ω) |2 + |x̃α (ω)− λαX̃α (ω) |2

N2
e λ2

α

]
(A13)

Changing the integration variables, x̃i (ω) = ũ (ω) + iṽ (ω), we find

F [X]

νkT
= ∑

α

[
3R2

α

2b2N
λ2

α +
3λ2

α

2b2 ∑
ω>0

ω2|X̃α (ω) |2
1 + ω2N2

e λ2
α

− ∑
ω>0

ln
2b2N2

e λ2
α

3N(1 + ω2N2
e λ2

α)

]
. (A14)

Here sums are taken only over positive ω since the only positive frequency components ũ (ω)

and ṽ (ω) can be taken as independent variables: the condition for the reality of the function x(s),
Equation (A12), imposes restrictions ũ (−ω) = ũ (ω) and ṽ (−ω) = −ṽ (ω) on the real and imaginary
parts of x̃ (ω).

This free energy should be averaged over positions of attachment points, X(s),
with correlation functions

X̃α (ω) X̃β (−ω) =
b2

3

(
1

ω2 + N2
e

)
δαβ (A15)

which corresponds to randomly placed brash of chain with two virtual chains of N2
e monomers

[X (s)− X (s′)]2 = b2 ∣∣s − s′
∣∣+ 2N2

e (A16)
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Averaging the free energy (A14) with the correlation function, (A15) and changing the integration
variables X̃(ω) → (R, p̃ (ω) , q̃ (ω)) when integrating over X (ω) we find

F
νkT

= ∑
α

[
λ2

α

2
+ ∑

ω>0

λ2
α − 1

1 + ω2N2
e λ2

α

+ ∑
ω>0

ln
(

1 +
1

N2
e λ2

αω2

)]
+ Const. (A17)

Here all the terms which do not depend on the extension coefficients λα are absorbed in Const.
The sum and the product can be expressed in terms of hyperbolic functions, see Equation (60).
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Abstract: Natural rubber foam (NRF) can be prepared from concentrated natural latex,
providing specific characteristics such as density, compression strength, compression set, and so on,
suitable for making shape-memory products. However, many customers require NRF products with
a low compression set. This study aims to develop and prepare NRF to investigate its recoverability
and other related characteristics by the addition of charcoal and silica fillers. The results showed that
increasing filler loading increases physical and mechanical properties. The recoverability of NRF
improves as silica increases, contrary to charcoal loading, due to the higher specific surface area of
silica. Thermodynamic aspects showed that increasing filler loading increases the compression force
(F) as well as the proportion of internal energy to the compression force (Fu/F). The entropy (S) also
increases with increasing filler loading, which is favorable for thermodynamic systems. The activation
enthalpy (ΔHa) of the NRF with silica is higher than the control NRF, which is due to rubber–filler
interactions created within the NRF. A thermodynamic concept of crosslinked rubber foam with
filler is proposed. From theory to application, in this study, the NRF has better recoverability with
silica loading.

Keywords: rubber foam; filler; charcoal; silica; compression set; recovery; thermodynamics

1. Introduction

Natural rubber (NR) is a biobased polymer usually applied in the rubber industry to manufacture
products such as gloves, pillows, mattresses, tires, and so on. It is derived from the Hevea brasiliensis
tree as colloidal latex, which presents other substances or nonrubber components, such as proteins,
fatty acids, inorganic matters, and so on. This natural latex can be stabilized by the base chemical to
maintain prolonged storage [1–4].

Many products, such as pillows and mattresses, are made from rubber foam prepared from
concentrated natural latex, which provides specific characteristics. Rubber foams are generally
porous and elastic with ventilated surfaces. These foams are made into lightweight products for
comfort applications such as pillows and mattresses [5,6]. From the perspective of mechanical
properties, rubber foam can either be soft or firm depending on the formula of the compounded latex.
Concentrated natural latex is mixed with chemical agents, consisting of a blowing agent, vulcanizing
agent, accelerators, an activator, antioxidants, a gelling agent, and so on, to form compounded latex [1,7].
All the chemical agents have to be approximately ground into the micron scale because they can be
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easily mixed with the concentrated natural latex since the rubber particle is also present in the micron
scale [8].

Rubber foam typically presents shape-memory polymer characteristics, which can be altered
by useful properties from the external stimuli [9]. This ability enables responsive materials with
form-fitting, actuation, and sensing characteristics in industries such as furniture, biomedicine,
aerospace, and so on [10,11]. The viscoelastic properties of rubber foam play an important role in the
shape-memory effect. However, many customers require natural rubber foam products that return
to their initial form in minimal time or have better recoverability. One can enhance the elasticity of
rubber foam to improve the recovery performance of rubber foam products.

In 2015, Bashir et al. [12] used eggshell powder (ESP) as a filler in NRF. The contribution of ESP to
an increase in mass increases the density of NRF with increasing ESP loading. At low ESP loading,
the tensile strength of the ESP-filled NRF initially drops because the filler is not enough to reinforce
the NRF. The tensile strength increases after adding more filler loadings due to the reinforcement
effect of ESP. The increment of ESP loading causes the ESP-filled NRF to lose recoverability, caused by
nonelastic deformation, indicating the deformation of the hard phase from the increase of ESP loading.
Another filler in NRF is rice husk powder (RHP). Ramasamy et al. [13] found that the recovery
percentage decreases with the increase of RHP loading, whereas the compression strength is increased
with increasing RHP loading.

Many previous works have shown that the recoverability of NRF is decreased with increasing filler
loading. The main objective of this study is to enhance the recoverability of NRF; thus, we investigated
a crosslinked NRF filled with commercial filler consisting of activated charcoal and silica, which are
widely used in the rubber industry. This is a useful channel to better understand the relationship of the
mechanical properties and thermodynamic theory of NRF, which can be applied for the recovery of
rubber foam products.

2. Materials and Methods

2.1. Materials

The following materials were used: high-ammonia-concentrated natural latex (Num Rubber and
Latex Co., Ltd., Trang, Thailand), potassium oleate (KO: 20% aqueous dispersion prepared by Thanodom
Technology Co., Ltd., Bangkok, Thailand), sulfur (S: 50% aqueous dispersion prepared by Thanodom
Technology Co., Ltd., Bangkok, Thailand), zinc diethyldithiocarbamate (ZDEC: 50% aqueous dispersion
prepared by Thanodom Technology Co., Ltd., Bangkok, Thailand), zinc-2-mercaptobenzothiazole
(ZMBT: 50% aqueous dispersion prepared by Thanodom Technology Co., Ltd., Bangkok, Thailand),
Wingstay L (WingL: 50% aqueous dispersion prepared by Thanodom Technology Co., Ltd., Bangkok,
Thailand), zinc oxide (ZnO: 28% aqueous dispersion prepared by Thanodom Technology Co., Ltd.,
Bangkok, Thailand), diphenylguanidine (DPG: 28% aqueous dispersion prepared by Thanodom
Technology Co., Ltd., Bangkok, Thailand), sodium silicofluoride (SSF: 23% aqueous dispersion
prepared by Thanodom Technology Co., Ltd., Bangkok, Thailand), toluene (AR grade, RCI Labscan
Co., Ltd., Bangkok, Thailand), bamboo charcoal (BET 2–4 m2/g for a 40 μm charcoal particle size,
CharcoalHome Co., Ltd., Bangkok, Thailand), precipitated silica (BET 170–190 m2/g for a 10–20 nm
silica particle size, Extol Technology Co., Ltd., Dongguan, China).

2.2. Preparation of Rubber Foams

Rubber foams were prepared in nine types, as presented in Table 1. For each sample,
high-ammonia-concentrated natural latex was weighed, and the ammonia was eliminated using
a blender at 80 rpm for 1 min. Filler was later added and mixed for 1 min. The speed of the blender
was increased to 160 rpm, and KO was subsequently added and mixed for 10 min until the volume of
foam increased by approximately three times. The blending speed was reduced to 80 rpm. A group of
chemicals (S, ZDEC, and ZMBT as vulcanizing chemicals and WingL) was added, and mixing continued
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for 1 min. After that, another group of chemicals (ZnO and DPG) was added, and mixing continued
for 1 min. SSF was added at last and mixed for 3 min. During the mixing of SSF, gel-forming was
repeatedly tested until the gel point was almost reached. The foam was then poured into molds,
and the lids were closed afterward. The samples were left at room temperature for 45 min. Finally,
the samples were vulcanized in a hot air oven at 90 ◦C for 2 h, removed from the molds, washed,
and dried at 70 ◦C.

Table 1. Composition of raw materials for the natural rubber foam (NRF) used in this study.

Chemicals

Sample Name Control
NRF

NRF/
2 Ch

NRF/
4 Ch

NRF/
6 Ch

NRF/
8 Ch

NRF/
2 Si

NRF/
4 Si

NRF/
6 Si

NRF/
8 Si

(phr 1)

NRL 100 100 100 100 100 100 100 100 100
KO 3.63 3.63 3.63 3.63 3.63 3.63 3.63 3.63 3.63

Vulcanizing
chemicals 4.00 4.00 4.00 4.00 4.00 4.00 4.00 4.00 4.00

WingL 1.00 1.00 1.00 1.00 1.00 1.00 1.00 1.00 1.00
ZnO 2.80 2.80 2.80 2.80 2.80 2.80 2.80 2.80 2.80
DPG 0.67 0.67 0.67 0.67 0.67 0.67 0.67 0.67 0.67
SSF 1.66 1.66 1.66 1.66 1.66 1.66 1.66 1.66 1.66

Charcoal - 2.00 4.00 6.00 8.00 - - - -
Silica - - - - - 2.00 4.00 6.00 8.00

1 Parts per hundred of rubber.

2.3. Characterization

Density was measured from the weight of the rubber foam sample and the measured volume of
the rubber foam sample, calculated as follows:

Density =
M
V

(1)

where M is the weight of the rubber foam sample (kg), and V is the volume of the rubber foam
sample (m3).

The crosslinking density of the NRF was determined by the swelling method. Small pieces of the
NRF were immersed into toluene to reach the equilibrium of swelling. The crosslinking density of
rubber (ν) can be calculated according to the Flory–Rehner equation [14–16] as follows:

ν = − 1
Vs

⎡⎢⎢⎢⎢⎢⎢⎢⎣ ln(1−Vr) + Vr + χV2
r

V
1
3
r − Vr

2

⎤⎥⎥⎥⎥⎥⎥⎥⎦ (2)

where Vs is the molar volume of toluene (106.9 cm3/mol), Vr is the volume fraction of rubber in the
swollen network, and χ is the parameter between the rubber and solvent interaction (0.43 + 0.05 Vr).
The NRF sample in toluene was kept in the dark at an ambient temperature. It was removed from the
toluene and weighed every day until the equilibrium was reached (approximately 7 days). Finally,
the sample was dried in an oven at 60 ◦C for 24 h and weighed again.

The functional group of the NRF sample was determined by attenuated total reflection–Fourier
transform infrared spectroscopy (ATR–FTIR VERTEX 70, Bruker, Billerica, MA, USA). The NRF sample
was put on a Ge crystal probe at 500–4000 cm−1.

Compression stress of the NRF was determined in 3 replications by a texture analyzer (TA.XT
Plus, Stable Micro Systems, Godalming, Surrey, UK) using a platen probe with a diameter of 100 mm
and a speed of 0.1 mm/s, adapted from ISO 3386. The NRF sample was 45 mm width × 45 mm length
× 21.5 mm thickness, compressed at 75% from the foam surface at room temperature.
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The compression set was conducted according to ISO 1856 Method C by measuring the height of
the sample (do). The sample was then compressed at 75 ± 4%height for 72 h at an ambient temperature.
Finally, the sample was released from the compression for 30 min, the height of the sample was
measured again (dr), and %compression set was calculated as follows:

%compression set =

[
do − dr

do
× 100

]
(3)

Furthermore, %recovery of rubber foam can be calculated as follows:

%recovery = 100 −%compression set (4)

The morphological properties of the NRF sample were characterized by scanning electron
microscopy (SEM) analysis (FEI, Quanta 450 FEI, Eindhoven, Netherlands). The NRF sample
was cut into small pieces and coated with gold in a sputter coater (Polaron Range SC7620,
Quorum Technologies Ltd., Kent, UK).

For the thermodynamic aspects, the NRF was determined in 3 replications by a texture analyzer
(TA.XT Plus, Stable Micro Systems, Godalming, Surrey, UK) using a platen probe with a diameter of
100 mm and speed of 0.1 mm/s. The sample was 45 mm width × 45 mm length × 21.5 mm thickness
and prepared at the test temperature 10 min before starting the experiment. The sample was then
compressed from 20% strain to 70% strain from the original foam shape at various temperatures (25, 35,
45, 55, and 65 ◦C). After that, the force–temperature relationship graph was plotted, and the obtained
variables were used to calculate the compression force (F) due to the changes of internal energy (Fu)
and entropy (Fs) associated with the deformation process.

Other thermodynamic aspects were studied by a temperature sweep of the NRF sample using
dynamic mechanical analysis (DMA1, Mettler Toledo, Columbus, OH, USA). The NRF sample was
cut into a sample of 7 mm width × 7 mm length × 7 mm thickness and tested at temperatures from
80 to 80 ◦C. The changes of Gibbs free energy (ΔG) and entropy (ΔS) were calculated. The activation
enthalpy of the transition process ((ΔHa)avg) for the relaxation of the backbone motion of rubber chains
is related to the area under the tan δ peak, which can be calculated by [17]:

(ΔHa)avg =

(
ln Eg − ln Er

)
πRT2

g

tA
(5)

where tA is the area under the tan δ peak, Eg is the storage modulus at the glassy state, Er is the storage
modulus at the rubbery state, R is the gas constant (8.3145 J/mol·K), and Tg is the glass transition
temperature (K) of the NRF.

3. Results and Discussion

3.1. Physical and Chemical Properties

The density of the NRF samples increases with increasing filler loading, as presented in Figure 1.
This is due to increasing filler loading, which causes an increase in the mass of the NRF with filler.
Kudori and Ismail [18] found that foam density increases as the filler size decreases. The smaller filler
size hinders pore formation and increases the continuous matrix amount. In the present study, silica filler
(nanometer) is smaller than charcoal (micrometer). Therefore, NRF with silica loading exhibits a higher
density than NRF with charcoal loading at a given filler concentration. Increasing charcoal loading
barely affects the density, which may be because charcoal acts as a nucleating agent during the process
of foam growth [19–21].
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Figure 1. Effect of filler loading on the density of the NRF samples.

As presented in Figure 2, the crosslinking density of the NRF samples increases with the presence
of filler, which may be due to the additional carbon–sulfur linkages formed by the chemical reaction
between the rubber and filler [22]. Another reason is that the amplification of the deformation of
rubber chains in the NRF with filler loading is more than the control NRF. Fillers in NRF extend rubber
chains due to the interaction of rubber chains at the filler surface, i.e., some rubber chains may be
occluded in the voids of the filler, causing the extension of rubber chains and leading to an increased
crosslinking density. However, at the same loading of vulcanizing chemicals, increasing filler loading
causes fewer differences in the crosslinking density.
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Figure 2. Effect of filler loading on the crosslinking density of the NRF samples.

The chemical compositions of the control NRF and NRF with fillers were analyzed by ATR–FTIR
(Figure 3). There is no significant difference in the functional groups of NRF [7,23]. There is almost no
difference for the NRF with charcoal loading due to carbonization at high temperatures, which causes
the charcoal powder to exhibit a hydrophobic nature [24]. However, there is a band growing at
1100 cm−1 for the NRF filled with silica. This band corresponds to the vibration absorption of the silane
group (Si–O–C) [25], present in the rubber network, which usually exhibits within the ranges 800–850
and 1100–1200 cm−1.
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(a) (b) 

(c) (d) 

Figure 3. ATR–FTIR spectra of the NRF samples: (a,b) NRF with charcoal loading; (c,d) NRF with
silica loading.

3.2. Mechanical and Morphological Properties

The control NRF and NRF with fillers were compressed up to 75% (Figure 4). The compression
strength at maximum compression shows that the NRF with silica loading has higher compression
strength than the NRF with charcoal loading at a given filler concentration. There are two different
regions in the compression stress–strain curves of foam materials: elasticity at the low-strain region
and solidity at the high-strain region [7]. Increasing filler loading increases the solidity or stiffness
of the NRF at high strain, where the foam cells with each other, leading to the immediate increase of
compression stress. There is also the stress-induced crystallization of rubber chains that affects the
increase of compression stress at high strain. The addition of more than 2 phr of charcoal causes the
foam to be sticky, explaining the unfavorable interaction within the foam structure. Although the
crosslinking density of the NRF with various silica loadings is almost identical, the compression
strength is significantly different. The better interaction within the foam structure is due to the smaller
silica filler size, which has more specific surface areas compared to the charcoal filler. We found a linear
relationship between compression strength and filler loading in both types of fillers. This relationship
depends on the rubber–filler interaction, presented as:

CCh = 0.285·[Ch] + 5.304 (6)

CSi = 1.721·[Si] + 4.649 (7)

where CCh is the compression strength of the NRF with charcoal loading (kPa), CSi is the compression
strength of the NRF with silica loading (kPa), [Ch] is the concentration of charcoal filler (phr), and [Si]
is the concentration of the silica filler (phr).
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(a) (b) 

Figure 4. Compression stress of the NRFs: (a) NRF with charcoal loading; (b) NRF with silica loading.

The compression set describes the elastic behavior of the NRF, which relates to the material’s
recovery percentage. Figure 5 shows that increasing charcoal loading increases the compression set
percentage and decreases the recovery percentage. As mentioned above, the addition of more than
2 phr of charcoal causes the foam to be sticky. Thus, when the NRF with more than 2 phr of charcoal
loading is compressed at 75%height of its thickness for a long period (72 h), the ability to return to its
original shape is decreased. On the contrary, increasing silica loading decreases the compression set
percentage and increases the recovery percentage. Decreasing the compression set percentage indicates
higher elasticity. Hence, the NRF with silica loading possesses higher elasticity than the NRF with
charcoal loading. Microsized charcoal has been shown to behave like eggshell powder and rice husk
powder in previous works [12,13], which decreased the percentage of NRF recovery when filler loading
is increased and vice versa with NRF-filled nanosized silica. Therefore, we can propose the relationship
between recoverability of NRF and filler concentration as the following polynomial equation:

%Rch = −0.3057·[Ch]2 + 1.5206·[Ch] + 94.697 (8)

%RSi = −0.1165·[Si]2 + 1.5602·[Si] + 94.789 (9)

where %RCh is the recoverability of the NRF with charcoal loading (%), %RSi is the recoverability
of the NRF with silica loading (%), [Ch] is the concentration of charcoal filler (phr), and [Si] is the
concentration of silica filler (phr).
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Figure 5. Compression recovery properties of the NRFs: (a) %compression set of the NRF with different
filler loadings; (b) %recovery of the NRF with different filler loadings.
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The morphological properties of NRF were investigated by SEM. The micrographs indicated that
all types of NRF contain a cellular structure that exhibits an interconnected network of open cells,
as presented in Figure 6. Porosity analysis was determined by the ImageJ software by adjusting the
threshold of the images. The white region corresponds to the pore shape, whereas the dark region
corresponds to the open holes or pores (Figure 6). The interconnected porosity of these NRFs is an
important parameter that affects the mechanical properties [7]. This result can be explained by the cell
density value. The cell density (dcell) is calculated as follows [26]:

dcell =
3

4πr3

(
1− ρ
ρs

)
(10)

where ρ is the foam density, ρs is the solid phase density (NR 0.93 g/cm3), and r is the average cell radius.
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Figure 6. SEM images of: (a1) control NRF; (b1) NRF/2 Ch; (c1) NRF/4 Ch; (d1) NRF/6 Ch; (e1) NRF/8
Ch; (f1) NRF/2 Si; (g1) NRF/4 Si; (h1) NRF/6 Si; (i1) NRF/8 Si. The SEM images with ImageJ analysis
of: (a2) control NRF; (b2) NRF/2 Ch; (c2) NRF/4 Ch; (d2) NRF/6 Ch; (e2) NRF/8 Ch; (f2) NRF/2 Si;
(g2) NRF/4 Si; (h2) NRF/6 Si; (i2) NRF/8 Si.

As presented in Table 2, increasing charcoal loading increases the average NRF pore size,
decreasing the porosity and cell density. On the other hand, increasing silica loading decreases the
average pore size, increasing the porosity and cell density. Although the density of the NRF increases
with increasing filler loading, the cell density is more complicated. For charcoal loading, the density
slightly increases or remains almost constant with the addition of more than 4 phr of charcoal. The cell
density of the NRF with charcoal loading decreases and becomes almost constant with the addition
of more than 4 phr of charcoal. Since charcoal can act as the nucleating agent, which can promote
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foam growth, excess charcoal may stop acting as a filler and become a nucleating agent, resulting in an
almost constant density with a larger average pore size and smaller porosity and cell density. For silica
loading, the density increases as increasing silica loading, indicating the decreasing of the average pore
size while the cell density increases.

Table 2. Average pore size, porosity, and cell density of the control NRF and NRF with filler loading.

Sample Name
Average Pore Size

(±0.300 mm)
Porosity
(±1.00%)

Cell Density
(±150 cm−3)

Control NRF 0.836 31.39 3041

NRF/2 Ch 0.860 31.69 2778
NRF/4 Ch 0.988 27.58 1807
NRF/6 Ch 1.081 25.46 1379
NRF/8 Ch 1.092 25.04 1333

NRF/2 Si 1.079 28.57 1412
NRF/4 Si 0.909 28.09 2316
NRF/6 Si 0.876 27.49 2546
NRF/8 Si 0.673 26.34 5606

3.3. Thermodynamic Aspects

Thermodynamic studies of the deformation process in uncrosslinked rubbers have already been
discussed [27–29]. Most of the works showed the results of the temperature dependence of the stress
in the extended state. In the present work, the mechanical compression properties of the crosslinked
NRF samples are remarkable, especially for the %compression set and %recovery; thus, it is interesting
to investigate the thermodynamic aspects. From the perspective of thermodynamics, the elasticity
of rubber attributes to the changes in the conformations of rubber molecules from the unstrained
molecules to the strained molecules. Such changes are related to the changes of internal energy and
entropy associated with the deformation process as the following relationship [27,30,31]:

F =

(
∂U
∂L

)
− T

(
∂S
∂L

)
= Fu + Fs (11)

Fu =

(
∂U
∂L

)
(12)

Fs = −T
(
∂S
∂L

)
(13)

where F is the compression force causing changes in the length of NRF (L), U is the internal energy of
NRF, T is the temperature used in the experiment, and S is the entropy of NRF. When plotting the
compression force graph as a function of the conducted temperature, the interception at 0 K is equal to
Fu, and the slope multiplied by the temperature is equal to Fs.

To investigate the relationships between force (compression mode) and temperature, the NRF
samples were compressed up to 20%strain, 30%strain, 40%strain, 50%strain, 60%strain, and 70%strain
in the temperature controller chamber (at 298.15, 308.15, 318.15, 328.15, and 338.15 K). The relationships
between compression force and temperature of the control NRF, NRF with 8 phr of charcoal, and NRF
with 8 phr of silica are presented in Figures 7–9, respectively. The graphs of the other samples are
presented in Figures S1–S6. The results reveal that the compression force to the sample increases with
increasing %strain. At a given strain, the compression force decreases with increasing temperature.
Moreover, the slope decreases at a higher strain due to a decrease of the rubber chains’ degree of
freedom in the NRF, which is unfavorable for entropy.
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Figure 7. Force at a constant strain as a function of the temperature of the control NRF with a minimum
of R2 = 0.9 in each strain.

Figure 8. Force at a constant strain as a function of the temperature of the NRF with 8 phr of charcoal
(NRF/8 Ch) with a minimum of R2 = 0.9 in each strain.

Figure 9. Force at a constant strain as a function of the temperature of the NRF with 8 phr of silica
(NRF/8 Si) with a minimum of R2 = 0.9 in each strain.
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Figures 7–9 show the values of the compression force (F) and relative internal energy contributing
to the compression force (Fu/F) at 298.15 K can be calculated as indicated in Table 3. The results of the
other samples are presented in Table S1. The values of Fu and F increase with increasing compression
strain, whereas the values of Fu/F decrease. Since the internal energy (U) is varied by the compression
force (F), the internal energy increases with increasing compression force. The entropy (S) can be varied
by the length of the NRF, indicating the degree of freedom of rubber chains during the compression
process. The compression causes a reduction in the length of the NRF, leading to a decrease in the
rubber chains’ degree of freedom. Thus, the entropy of compressed NRF is also reduced.

Table 3. Compression strain, compression limit, Fu, F, and Fu/F values of the control NRF and NRF
with various fillers at 298.15 K.

Sample Name
Compression

Strain (%)
Compression

Limit (λ)
Fu

(N)
F

(N)
Fu/F

Control NRF 20 0.8 1.70 2.47 0.6865
30 0.7 3.21 4.94 0.6500
40 0.6 5.43 8.62 0.6300
50 0.5 10.07 16.66 0.6044
60 0.4 17.51 29.31 0.5972
70 0.3 33.37 56.15 0.5943

NRF/8 Ch 20 0.8 1.05 1.23 0.8550
30 0.7 1.87 2.43 0.7672
40 0.6 3.02 4.16 0.7275
50 0.5 5.43 7.96 0.6817
60 0.4 10.54 16.11 0.6540
70 0.3 25.73 41.12 0.6258

NRF/8 Si 20 0.8 3.41 4.34 0.7868
30 0.7 5.07 6.56 0.7727
40 0.6 7.09 9.15 0.7752
50 0.5 10.60 13.79 0.7686
60 0.4 17.00 21.86 0.7777
70 0.3 32.94 42.51 0.7749

The Fu/F values of uncrosslinked rubber in the extension mode are typically in the range of
0.1–0.2 [27]. In this work, the Fu/F values of the crosslinked NRF in the compression mode are in
the range of 0.6–0.8, which are approximately three times higher than those of the literature review.
The difference in Fu/F values could come from the material structures (uncrosslinked rubber vs.
crosslinked rubbers) and the test methods (extension mode vs. compression mode). The NRFs with
fillers have higher Fu/F values than the control NRF at a given strain level, possibly explained by
the interaction of rubber and filler, which promotes changes of entropy in the deformation process.
The slope direction of the Fu/F values of the NRF with charcoal and NRF with silica are different
(Figure 10). This is due to the control NRF and NRF with charcoal loading possess different degrees of
freedom of rubber chains at different compression limits, and lower compression limit leads to lower
Fu/F values. However, the NRFs with silica loading possess a similar degree of freedom of rubber
chains at different compression limits. This indicates that the stability of the degree of freedom of
rubber chains at different compression strains or compression limits (λ) is related to the high mechanical
property of the NRF with silica loading. Although the compression strength of the NRF with filler
increased with the increment of filler, the ratio of Fu/F indicates that the addition of filler affects the
mechanical properties in the aspect of thermodynamics.
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(a) (b) 

Figure 10. Relative internal energy contribution to the compression force (Fu/F): (a) NRF with charcoal
loading compared to control NRF; (b) NRF with silica loading compared to control NRF.

We also investigated the change in Gibbs free energy (ΔG) and entropy (ΔS) in the NRF with
fillers compared to the control NRF. These thermodynamic parameters can be calculated by the
Flory–Huggins equation and statistical theory of rubber elasticity as follows [17,32]:

ΔG = RT
[
ln(1−Vr) + Vr + V2

rχ
]

(14)

ΔS = −ΔG
T

(15)

where R is the gas constant (8.3145 J/mol·K), and T is the test temperature (300.15 K).
From the perspective of the crosslinking density, ΔG and ΔS are shown in Table 4. The volume

fraction of rubber (Vr) with fillers is higher than the control NRF. The swelling behavior of the NRF
with various filler loadings decreases with increasing filler loading, indicating that the filler enhances
the rubber swelling resistance against the penetration of the solvent. Since the filler is the hard phase,
which is impermeable to solvent molecules, there must be a higher interaction between phases and
more rubber chains attached to the filler surface. Hence, the swelling ability of NR is reduced while
increasing the volume fraction of rubber [17].

Table 4. Calculated parameters from crosslinking density results for the control NRF and NRF with
various fillers.

Sample Name Swelling Ratio
Volume Fraction
of Rubber (Vr)

ΔG (J/mol) ΔS (J/mol·K)

Control NRF 2.83 0.2377 −29.15 0.0971

NRF/2 Ch 2.33 0.2755 −42.85 0.1428
NRF/4 Ch 2.24 0.2823 −45.74 0.1524
NRF/6 Ch 2.25 0.2790 −44.33 0.1477
NRF/8 Ch 2.23 0.2843 −46.61 0.1553

NRF/2 Si 2.33 0.2739 −42.21 0.1406
NRF/4 Si 2.30 0.2732 −41.91 0.1396
NRF/6 Si 2.24 0.2777 −43.77 0.1458
NRF/8 Si 2.19 0.2839 −46.41 0.1546

Table 4 shows that all samples present a negative ΔG, which decreases with increasing filler and is
a favorable spontaneous system. This is due to the restriction in the ability of the rubber chain motion
in the presence of filler, resulting in a decrease in the Gibbs free energy, which can be attributed to good
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compatibility between polymer and filler [17,32]. ΔS increases with increasing filler loading, which is
favorable in thermodynamics. This result is in good agreement with the result of the Fu/F value.

Based on the dynamic mechanical properties of the sample, the storage modulus (E’) and tan δ

results of the NRF with filler loading were determined by temperature sweep using dynamic mechanical
analysis or DMA. The results are presented in Figure 11. The addition of filler, both charcoal and silica,
affects the storage modulus and tan δ.

(a) (b) 

(c) (d) 

Figure 11. Storage modulus (E’) and tan δ as a function of the temperature of the NRF with various
fillers: (a) storage modulus of the NRF with charcoal loading compared to the control NRF; (b) tan δ of
the NRF with charcoal loading compared to the control NRF; (c) storage modulus of the NRF with
silica loading compared to the control NRF; (d) tan δ of the NRF with silica loading compared to the
control NRF.

The DMA results presented in Table 5 reveal that the storage modulus in both the glassy state
and rubbery state of the NRF with filler loading is higher than the control NRF. The addition of filler
decreases the free volume within the foam, which causes more rigidity, resulting in a higher storage
modulus in the glassy state [33]. The storage modulus in the rubbery state of the control NRF is
lower than the NRF with filler loading. This is due to the effect of the filler on the relaxation time of
rubber chains. Increasing filler loading increases the volume fraction of filler (ΔVf), which causes a
higher stress relaxation rate of rubber molecules where they require more time to unload the applied
force [17,33]. This affects the degree of freedom of the rubber molecules to be more pronounced, i.e.,
when there is a greater number of interactions between the rubber chains and filler, the stress relaxation
rate is increased, resulting in an increase in entropy [33,34]. Therefore, we can propose a model of the
control NRF (Figure 12a) compared to the NRF with filler loading (Figure 12b). The thermodynamic
meaning of this work can be explained as follows: the change in entropy (ΔS) of the NRF with filler
loading is more pronounced compared to the control NRF due to the stress relaxation rate of rubber

41



Polymers 2020 , 12 , 2745

chains from the amplification of chain deformation between the rubber and filler interaction, as shown
in Equation (16).

ΔS =
ΔVf·ΔSt

T
(16)

where ΔS is the change of entropy, ΔVf is the change of volume fraction of filler, ΔSt is the change of
stress relaxation rate of rubber molecules, and T is the temperature.

Table 5. Obtained parameters by the dynamic mechanical analysis (DMA) test for the control NRF and
NRF with various fillers.

Sample
Name

Eg @ −70 ◦C
(MPa)

Er @ 0 ◦C
(MPa)

Tg (◦C) tan δ max tA
(ΔHa)avg

(kJ·K/mol)

Control NRF 184.05 0.42 −49.08 1.39 31.08 128.33

NRF/2 Ch 193.35 0.49 −40.75 1.75 39.04 107.81
NRF/4 Ch 248.15 0.51 −37.17 1.82 40.87 109.92
NRF/6 Ch 240.76 0.54 −35.17 1.78 40.24 112.16
NRF/8 Ch 251.01 0.52 −36.17 1.69 38.13 118.76

NRF/2 Si 250.74 0.39 −48.17 1.54 28.25 151.17
NRF/4 Si 283.10 0.44 −45.50 1.41 30.51 143.53
NRF/6 Si 294.05 0.45 −43.00 1.39 25.73 174.06
NRF/8 Si 280.63 0.44 −44.67 1.32 27.60 159.44

 

(a) (b) 

Figure 12. Model of the NRF with rubber chains (blue spot) and fillers (black spot): (a) control NRF;
(b) NRF with filler, which increases the volume fraction of filler (ΔVf) induces more stress relaxation
(ΔSt), resulting in a more pronounced entropy (ΔS).

Table 5 also presents the Tg value or peak of tan δ of the NRF with various fillers. The addition of
filler causes this value to shift toward higher temperatures when compared to the control NRF. The shift
of the Tg value toward the higher temperatures indicates ionic and hydrogen bonding interactions
between the rubber chains and filler [17]. However, the nonpolar charcoal might not disperse well in
the concentrated natural latex or agglomerate and, instead, form filler–filler networks within the foam.
This may cause a synergy effect where the filler–filler networks might defeat the movement of the free
chains of rubber. Therefore, the addition of charcoal affects higher hysteresis with increasing tan δ max
and tA, resulting in lower activation enthalpy (ΔHa) than the control NRF.

At the same time, NRF is well-reinforced with silica. The rubber chains within the NRF with
silica are hindered to freely move, and there are interactions between rubber–filler within the NRF.
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Thus, it has a higher activation enthalpy than the control NRF. The tan δ max of the NRF with filler
has a higher value than control NRF refers to more dissipation energy of the NRF in the existence
of filler. The values of ΔHa in this work are in the same order as in the works of Sadeghi Ghari and
Jalali-Arani [17].

4. Conclusions

In this work, natural rubber foam (NRF) was prepared in two conditions: NRF with charcoal
loading and NRF with silica loading. The results showed that increasing filler loading increases
the density and mechanical properties of rubber foam. Since rubber chains may be occluded in the
voids of filler causing the expansion of rubber chains, leading to increasing crosslinking density,
somehow, at the same loading of vulcanizing chemicals, increasing filler loading is affected less in the
crosslinking density.

Increasing filler loading increases the compression stress of NRF. The compression strength of
the NRF with silica loading is higher than NFR with charcoal loading due to the better interaction
within the foam structure caused by the smaller silica size, which presents a more specific surface area
compared to charcoal filler. Since charcoal can act as a nucleating agent and promote foam growth,
the excess of charcoal might change from being filler and become the nucleating agent, resulting in
a larger average pore size and smaller porosity and cell density. Increased silica loading results in a
decrease in the average pore size while the cell density increases. Thermodynamic aspects showed
the relationships between the force and temperature of the NRF samples. The compression force (F)
and internal energy force (Fu) values of the NRF samples increase with increasing compression strain.
The NRF with various fillers has higher Fu/F values than the control NRF. The slope direction of the
Fu/F value of the NRF with charcoal and NRF with silica are different, which comes from the different
degrees of freedom of rubber chains in the NRF samples.

The swelling behavior of the NRF with filler loading decreases with increasing filler loading
compared to the control NRF. The ΔG decreases while ΔS increases with increasing filler loading,
which demonstrates a favorable thermodynamic system. The ΔHa of the control NRF is lower than
NRF with silica due to the movement limitation of rubber chains, whereas NRF filled with charcoal is
more complicated. Increasing filler loading increases the volume fraction of filler, causing a higher
stress relaxation rate due to the attempt to relax itself of molecules; therefore, the entropy is more
pronounced. All the results from the theory to applications indicate that NRF, which normally behaves
like a shape-memory material, can be developed into an anti-shape-memory material by the addition
of silica loading, which is favorable in thermodynamics.

Supplementary Materials: The following are available online at http://www.mdpi.com/2073-4360/12/11/2745/s1,
Figure S1. Force at a constant strain as a function of the temperature of the NRF with 2 phr of charcoal (NRF/2 Ch)
with a minimum of R2 = 0.9 in each strain. Figure S2. Force at a constant strain as a function of the temperature
of the NRF with 4 phr of charcoal (NRF/4 Ch) with a minimum of R2 = 0.9 in each strain. Figure S3. Force at a
constant strain as a function of the temperature of the NRF with 6 phr of charcoal (NRF/6 Ch) with a minimum of
R2 = 0.9 in each strain. Figure S4. Force at a constant strain as a function of the temperature of the NRF with
2 phr of silica (NRF/2 Si) with a minimum of R2 = 0.9 in each strain. Figure S5. Force at a constant strain as a
function of the temperature of the NRF with 4 phr of silica (NRF/4 Si) with a minimum of R2 = 0.9 in each strain.
Figure S6. Force at a constant strain as a function of the temperature of the NRF with 6 hr of silica (NRF/6 Si) with
a minimum of R2 = 0.9 in each strain. Table S1. Compression strain, compression limit, Fu, F, and Fu/F values of
the control NRF and NRF with various fillers at 298.15 K.
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Abstract: Damage and fiber misalignment of woven fabrics during discontinuous polymer processing
remain challenging. To overcome these obstacles, a promising switchable elastomeric adherence
gripper is introduced here. The inherent surface tackiness is utilized for picking and placing large
sheets. Due to the elastomer’s viscoelastic material behavior, the surface properties depend on loading
speed and temperature. Different peeling speeds result in different adherence strength of an interface
between the gripper and the substrate. This feature was studied in a carefully designed experimental
test set-up including dynamic thermomechanical, as well as dynamic mechanical compression
analyses, and adherence tests. Special emphases were given to the analyses of the applicability as
well as the limitation of the viscoelastic gripper and the empirically modeling of the gripper’s pulling
speed-dependent adherence characteristic. Two formulations of poly(dimethylsiloxane) (PDMS) with
different hardnesses were prepared and analyzed in terms of their applicability as gripper. The main
insights of the analyses are that the frequency dependency of the loss factor tanδ is of particular
importance for the application along with the inherent surface tackiness and the low sensitivity
of the storage modulus to pulling speed variations. The PDMS-soft material formulation exhibits
the ideal material behavior for an adhesive gripper. Its tanδ varies within the application relevant
loading speeds between 0.1 and 0.55; while the PDMS-hard formulation reveals a narrower tanδ range
between 0.09 and 0.19. Furthermore, an empirical model of the pulling speed-dependent strain energy
release rate G(v) was derived based on the experimental data of the viscoelastic characterizations and
the probe tack tests. The proposed model can be utilized to predict the maximum mass (weight-force)
of an object that can be lifted by the gripper

Keywords: silicon rubber (PDMS); dynamic thermomechanical analyses; storage modulus;
mechanical loss factor; viscoelastic gripper

1. Introduction

The picking and placing of limp solids (textile, woven fabrics, soft, and flexible electronics) during
assembling in manufacturing processes remain challenging. The transfer to the desired position
has to be achieved without damaging or misaligning the limp solid (i.e., fiber unravel, pull out,
contamination by the gripper, etc.). A variety of technologies are available to overcome this challenge
including vacuum suction, ingressive and adhesive grippers. The first two methods directly interact
with the substrate’s surface to be transferred and deform it to some extent: vacuum suction results
in a local lift up of the limp substrate and ingressive picking in penetrating as well as interlocking
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with fibers. An adhesive gripper, on the other hand, adheres on the surface, and the substrate itself is
neither deformed nor misaligned. The adhesive part is usually an elastomer (e.g., copolymers and
plasticized elastomers) with permanently tacky surface [1,2]. A major drawback is that the adherence
cannot be switched off and so the release of a substrate is critical for a textile or soft electronic part.
The modification of surface properties and specifically the enhancement of the adsorption abilities
(e.g., for catalysts) [3–7] and can help to achieve switchable grippers. Alternatively, transfer printing is
utilized in the assembly of micro/nanofabrication, where a silicon elastomer stamp with a viscoelastic
surface behavior is used to deliver a part from a donor to a receiver substrate (see, e.g., Cheng et al.
(2012) [8]). At the interface of two elastic materials the adhesion force is rather a constant than
tunable [9]. However, the adhesion can depend on the peeling speed (high→ lifting and low→ release),
the mechanical loading protocol (directional shearing induced delamination), temperature (laser pulse)
or could be controlled by the surface relief structure as it was pointed out by Cheng et al. (2012) [8],
Li et al. (2012) [10], and Chen et al. (2013) [9]. Extensive research efforts were presented to exploit the
switchable adhesion in kinetically controlled [9,11,12], shear-assisted [8,13], direction-controlled [14],
laser-driven non-contact [10,15], and microstructure enabled transfer printing [16–19]. Furthermore,
in robotics various designs for gripper are presented in order to pick up and handle arbitrary objects
(see, e.g., Brown et al. (2010) [20]). This influence of external physical loadings on the elastomeric
gripper is exploited in order to achieve a controlled picking and placing of a substrate. The pronounced
viscoelastic behavior of the gripper with a high loading rate sensitivity of the mechanical properties is
therefore important.

However, up to now no detailed study on the viscoelastic characteristics of an elastomeric adhesive
gripper is presented. A throughout understanding of the interplay between loading rate sensitivity of
the gripper’s bulk property and the inherent surface tackiness is of particular necessity to optimize the
performance of an adhesive gripper. This paper presents an approach to gain insights to the temperature
and loading rate dependent storage and dissipative (loss) properties by dynamic thermomechanical
analyses of adhesive grippers as well as probe tack tests. The grippers under investigation are made of
two different formulations of poly(dimethylsiloxane). Two woven fabrics (limp substrate) and two
woven reinforced thermoplastic matrix composites (stiff substrate) are used to examine the gripper
capabilities by the probe tack test. In “Material and Specimens”, the material selection is briefly
discussed and the specimen geometries for the mechanical characterization (“Experimental”) presented.
The loading rate dependent bulk and interface properties are modeled by simple linear viscoelastic
theory assumptions and linear elastic fracture mechanics approach (“Experimental”). Based on the
comprehensive experimental characterization the main mechanical features required for a viscoelastic
adhesive gripper is summarized and presented in “Results and Discussion”.

2. Materials and Specimens

The silicone rubbers (poly(dimethylsiloxane); PDMS) under investigation were mixed and
cured with two different base polymer:catalyst ratios (PDMS-soft→ 20:1 and PDMS-hard→ 10:1).
The volume fraction of catalyst, curing temperature, and time to achieve a solid material are thereby
critical, whose surface exhibits tackiness [21] high enough to pick up fabrics from a stack; the higher
the tackiness the higher is the risk of contamination in a repetitive assembly process. Details about the
fabrication of the material can be found in Cakmak et al. (2014a) [22].

Two categories of specimens were prepared. One category was dedicated for the general
mechanical characterization of PDMS by dynamic thermomechanical analysis (DTMA); the other
was for component tests under an application-related measurement protocol as well as dynamic
mechanical analysis (DMA). DTMA was performed with the “barbell” specimen and the component
tests were investigated with a cylindrical stamp. Figure 1 shows the specimen geometries and the
respective dimensions.
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Figure 1. Specimen geometries: (a) barbell specimen and (b) gripper stamp specimen. Dimensions are
in mm; R: radius.

In the following section, the experimental procedure (“Experimental”) for the characterization of
the employed PDMS is presented. Furthermore, the design and the application-related experiments of
the gripper stamp are reported there.

3. Experimental

After the initiation of the idea to adopt the rate and delamination loading-dependent (switchable)
adherence from transfer printing to a large-scale application of limp solids (fabrics), some promising
preliminary experiments were performed. Motivated by these preliminary results, an experimental
scheme limited to mechanical characterizations only was defined. All experiments were performed
with an electro-mechanic/dynamic actuator (TestBench, Bose Corp., ElectroForce Systems Group,
MN, USA).

3.1. Dynamic (Thermo-) Mechanical Analysis (D(T)MA)

In order to gain more information concerning the viscoelastic nature of the PDMS, D(T)MA
experiments were performed with the barbell specimen as well as the gripper stamp. A classical
D(T)MA test procedure was defined including frequency dependent experiments from 1 Hz to 16 Hz
under isothermal condition at seven different temperatures (−30 to +30 ◦C). The loading mode was
uniaxial tensile with a sinusoidal excitation of a mean strain level of 1% and a dynamic amplitude of 0.5%.
A similar test procedure was performed with the gripper stamp in order to determine the viscoelastic
behavior of the PDMS-soft material under component relevant condition. Component relevant
condition means, thereby, a uniaxial compression dynamic mechanical analysis (DMA) just before
delamination from the substrate. Compression DMA was examined at room temperature (22 ◦C) with
a mean level of −0.5 mm and amplitude of 0.5 mm excitation from 0.1 Hz to 47 Hz. The data of the
D(T)MA experiments were analyzed in WinTest software (Bose Corp., ElectroForce Systems Group,
MN, USA) and the storage (E’) as well as the transient (E” and tanδ = E”/E’) mechanical material
properties were exported for further analyses. The complex modulus E* is given by Equation (1) and
can be modeled by the well-known Prony series in the frequency (ω = 2πf) domain [23]. In the series
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E0 refer to the instantaneous modulus, τi is the relaxation time and gi = (Ei−1−Ei)/E0 the Prony series
coefficient corresponding to the relaxation time.

E∗(ω) = E′(ω) + j·E′′ (ω) = E0·
⎛⎜⎜⎜⎜⎜⎝1−∑i

gi

1 + (τi·aTω)
2 + j·

∑
i

giτiaTω

1 + (τi·aTω)
2

⎞⎟⎟⎟⎟⎟⎠ (1)

If the material’s thermorheological behavior is simple, then the time–temperature superposition
can be applied and resulting in master curve at a reference temperature [22,24]. The temperature
dependent shift factor aT can be given by the well-known WLF function [25] at a certain temperature T
where Tg is the glass transition temperature:

∣∣∣log10(aT)
∣∣∣ = 17.44· T − Tg

51.6 + T − Tg
(2)

By inverse Laplace transformation of E* into the time-domain, the relaxation modulus in time
is obtained:

E(t) = E0·
(
1−

∑
i
gi·
(
1− e−t/τi

))
= E∞·

1−∑i gi·
(
1− e−t/τi

)
1−∑i gi

(3)

where E∞ = E0 (1−∑
i

gi) is the Young’s modulus after infinite long time.

For further analyses of the rate-dependent adhesion, Equation (2) will be more convenient.
From an experimental point of view, the DMA tests are preferable, as the storage and the transient
viscoelastic behaviors are determined at once.

3.2. Probe Tack Test

The gripper stamp made of PDMS-soft was investigated in order to determine the rate dependent
adherence properties for different substrate surfaces. Basically, the adherence test was a tensile
delamination test (see Figure 2) at various pulling speeds (0.1 mm/s up to 100 mm/s) in accordance
to the surface tack measurement set-up of Çakmak et al. (2011) [21]. The stamp was pressed onto
the substrate, held for 10 s at −10 N, followed by the pulling and delamination from the substrate
surface, while the force F was measured. In a real application, the stamp will lift up the substrate,
but here the adherence was of particular interest and therefore the substrate was fixed. The substrates
(100 × 100) mm2 were attached to the support by means of double-side adhesive tape. To avoid inertia
effects at high pulling speeds, the force was measured at the fixed side of the test setup. The maximum
force corresponds to the fully delaminated stamp and is the limiting factor in-service for the considered
pulling speed. If components with higher weight forces are applied, the stamp is not capable to pick
them up. Application-relevant substrates were investigated and comprised dry carbon and glass
fiber woven fabrics as well as poly(amide) matrix organo sheets reinforced with carbon and glass
fiber weave.

The delamination process is assumed to be driven mainly by the crack propagation from the edge
of the stamp when a tractive force F was applied. For the sake of completeness, it should be mentioned
that the other mechanisms would be the crack propagation starting from inside at some interfacial
defects and decohesion at theoretical contact strength [26]. The real delamination process will be rather
a combination of the aforementioned mechanisms. However, visual observations of the experiments
revealed that the crack initiation and propagation at the edge was more dominant. From fracture
mechanical point of view, the stress singularity at the crack tip can be sufficiently described by the
stress intensity factor KI. When the stamp is fully propagated along the interface, the crack length is
equal to the radius R of the stamp and KI is given by

KI =
F
π·R2 ·

√
π·R· f (4)
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where F is the tractive force (F/πR2 is the tractive stress σ) and f is the geometry coefficient and for
a pillar shaped geometry f = 1

2 . The energy needed to create an area surface during a plain strain
loading is connected to the stress intensity factor KI by

G =
K2

I ·
(
1− ν2

)
2·E (5)

where ν is the Poisson’s ratio and E is the Young’s modulus. Since the material under investigation
can be considered as incompressible (ν = 0.5) and by combining Equation (4) with (5), the following
relation can be found.

 

Figure 2. Component test set-up.

Gc(v, ts(v)) =
3·σ(v)2·π·R

32·E(ts)
(6)

Equation (6) shows the critical energy release rate per area depending on the pulling speed v and
the separation time ts. The separation time is in turn a function of the pulling speed, meaning that the
higher v, the lower ts. This dependency is mainly driven by the viscoelastic nature of the stamp material
and is also examined experimentally. To determine the actual value of the Young’s Modulus E(ts),
knowledge of the separation time is crucial. The pulling velocity-dependent tractive stress σ(v) has to
be obtained by the component tests and is mainly determined by the surface energies of each solid in
contact and the surface interaction energy of them in direct contact (cf. Duprè energy of adhesion). It is
expected that the investigated substrates have a different trend in terms of measured tractive stresses.
However, the velocity dependency of σ(v) is a respond given by the stamp’s viscoelastic nature and
can be described by the following square root function sufficiently enough.

σ(v) = σ0·
√

1 +
(

v
v0

)n

(7)
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When the square root function is determined by simply fitting the measured data and combining
Equations (3) and (7) with (6) lead to the pulling speed-dependent critical energy release rate:

Gc(v, ts(v)) = G0·
1 +

(
v
v0

)n·(1−∑3
i gi

)
1−∑3

i gi·(1− e−ts/τr)
(8)

where G0 is the critical energy release rate near zero pulling speed v and infinite separation time ts, v0 is
the reference pulling speed and n is the scaling exponent. Equation (8) is in accordance with the empirical
form shown and utilized by Shull (2002) [27] and Feng et al. (2007) [11]. The modification is related to
the time dependent Young’s modulus and so the Prony series is incorporated. Parameter identification
of the function in Equation (8) is carried out based on the experimental data of the component tests as
well as DMA. The model will be used to predict the critical energy release rate for the desired in-service
pulling speed.

4. Results and Discussion

As was mentioned in the “Materials and Specimens” section, two different formulations were
considered for the application of the gripper stamp. These two materials will be herein after referred
to as PDMS-soft and PDMS-hard. Basically, only the PDMS-soft material was suitable for the use as
gripper; however, basic viscoelastic characterization (D(T)MA) was performed for both of the materials
in order to show the range of possible mechanical behavior. Only PDMS-soft was investigated with
the component testing procedure.

4.1. Dynamic (Thermo-) Mechanical Analysis (D(T)MA)

Figure 3 shows the DTMA results of the investigated materials. Each color corresponds to the
results of isothermal testing at various frequencies, which are indicated as single points.

Figure 3. Loss factor tanδ over storage modulus E’ characteristic of the investigated materials at
various temperatures.

This diagram is very convenient for analyzing the trend of the inherent respond time’s temperature
dependency as a result of the external mechanical loading. If all examined data reveal that
tanδ is a unique function of E’, then the respond times (here the relaxation times) are equally
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temperature-dependent and time–temperature superposition (TTSP) is applicable (cf. Çakmak and
Major (2014b) [28] and Tschoegl et al. (2002) [24]). Besides that, PDMS-soft formulation’s characteristic
is located within the diagram rather at the top right than the trend of PDMS-hard as expected. Important
is that for both cases the TTSP can be applied, shift factors determined to construct the master curves
at reference temperatures and these factors could be modeled with WLF function, among others.This is
illustrated in Figure 4 for PDMS-soft (the candidate material for the application).

Figure 4. Panels (a,b) show the temperature and frequency dependent storage modulus and loss factor,
respectively. In panel (c), the obtained time-temperature shift factors aT are presented as points and the
WLF function as dashed line.

If the shift factor function (WLF) is applicable, then the temperature influence on the contact
mechanical behavior can be easily predicted (e.g., Feng et al. (2007) [11]). This is of particular interest
when the environmental conditions in-service of the gripper (i.e., during manufacturing of products)
are fluctuating.

Figure 5 demonstrates the compression DMA results as before illustrated for the DTMA results.
Now the gripper stamps made of the PDMS-formulations are investigated under contact and
mechanically excited before delamination occurs. As mentioned earlier, the surface tackiness is
an important requirement for the gripper stamp. However, the analyses of the viscoelastic behavior
reveal that the loss factor characteristics are equally significant. It is believed that a high frequency
(loading rate) dependency is essential to exploit the rate dependent adhesion. If the material has almost
no rate-dependent tanδ, which is the case for PDMS-hard formulation, then the material will not be
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suitable as gripper with rate dependent adhesion. The storage modulus and its rate dependency are of
minor importance. It should be low and remain low with increasing loading rate.

Figure 5. Loss factor tanδ over storage modulus E’ characteristic of the investigated formulation at
20 ◦C under compression DMA loading procedure.

The storage modulus of the PDMS-soft material is modeled with the 3rd order Prony series
(cf. Equation (1)) and the respective Prony parameters are listed in Table 1. Figure 6 shows the
experimental data of the frequency dependent storage modulus and the mentioned fit curve.

Table 1. Prony parameters of PDMS-soft formulation.

Gripper Stamp E0 E∞ gi τi

/(MPa) /(MPa) - /(s)

PDMS-soft 0.517 0.238

8.35 × 10−2 2.50 × 10−1

1.12 × 10−1 5.23 × 10−2

3.44 × 10−1 9.22 × 10−3

Figure 6. Linear plot of the frequency (ω= 2π)-dependent storage modulus E’ of PDMS-soft formulation
(black points) with the 3rd order Prony series fit of the data (cf. Table 1).
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With the Prony series, the time dependent storage modulus needed for computing and modeling
the critical energy release rate is obtained.

4.2. Probe Tack Test

From the tack tests the tractive stresses are evaluated, which are measured as the maximum
stresses before delamination at various pulling speeds and are shown in Figure 7. The experimental
data confirm the assumption of the square root relation between the stresses and the pulling speeds
shown in Equation (7). This function’s fit parameters for the investigated substrates are given in
Table 2.

Figure 7. Measured tractive stresses σt between the PDMS-soft gripper stamp and the investigated
substrates at various pulling speeds (points) with the fit function (Equation (7)) as dashed lines.

Table 2. Fit parameter of the tractive stress and the corresponding calculated G0.

Substrate σ0 n G0

v0 = 0.1 mm/s /(kPa) - /(J/m2)
carbon fiber woven 2.4 0.60 0.36
glass fiber woven 2.5 0.38 0.38
PA6 carbon fiber 2.1 0.68 0.27
PA6 glass fiber 2.0 0.68 0.26

With E∞ and σ0, the critical energy release rate G0 near zero pulling speed and infinite separation
time can be calculated. Table 2 shows the computed values and it can be observed, that the fabrics
have a similar G0 as well as the organo sheets. The surfaces of the fabrics are comprised by the fibers
and the empty space in between and so the surface adhesion is determined by this meso-structure;
on the other hand, the organo sheets’ surfaces are dominated by the thermoplastic PA6.

Moreover, the time to separate the gripper stamp from the fixed substrates is evaluated (see Figure 8)
in order to determine the actual storage modulus according to Equation (3). Figure 8 reveals that the
separation time is with a good approximation independent of the substrate in contact with the gripper
stamp. The red line shows the exponential decay trend over the pulling speed.
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Figure 8. Pulling speed related time to separate the gripper stamp from the substrates; red line shows
the trend of all measurement points.

From the data presented above, the critical energy release rates G are computed according to
Equation (6) and are shown to be pulling speed-dependent in Figure 9. Also the modeled energy release
rates are shown with good agreement with the experimental data. The model seems to be appropriate
to model and predict the critical energy release rate for in-service use. From this, the pulling speed
needed to lift up/release an object with a certain mass could be calculated as well.

Figure 9. Critical energy release rate G versus the pulling speed v including the model of Equation (8)
for each substrate.

5. Conclusions

The presented methodology to evaluate the viscoelastic as well as surface tack characteristics
revealed that the gripper made of the soft PDMS formulation is capable for grasping, holding,
transporting, and finally assembling (draping) of fabrics as well as semi-finished thermoplastic parts
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(organo sheets with PA6 matrix). Based on the observations and the experimental data, the essential
viscoelastic as well as adherence kinetic behaviors are determined. A high loading speed dependency
of the tanδ characteristic is needed (i.e., with higher loading speed, higher tanδ) to exploit the
rate-dependent adherence. The tanδ of PDMS-soft varies between 0.1 (@0.1 Hz) and 0.55 (@46.5 Hz),
while the PDMS-hard formulation reveals a narrower tanδ range between 0.09 and 0.19. If the material
has almost no rate-dependent tanδ, which is the case for PDMS-hard formulation (see Figure 5),
then the material is inapplicable as a gripper. The storage modulus and its loading speed dependency
are of minor importance (PDMS-soft: 0.25 MPa (@0.1 Hz) to 0.5MPa (@46.5 Hz); PDMS-hard: 2.4 MPa
(@0.1 Hz) to 4.5 MPa (@46.5 Hz)). It should be low and remain low with increasing loading speed.

Grasping and assembling are achieved by the utilization of the rate-dependent adhesion. For the
application, the knowledge of the gripper’s pulling speed dependent adherence characteristic is
essential. Here, a model (see Equation (8)) is derived based on the experimental results and describes
sufficiently the rate dependency of the gripper. It can be applied for the prediction of the critical energy
release rate and, more importantly, the maximum mass (weight force) to lift and hold. We believe
that the proposed model is of particular interest for the application and operation of a robot handling
system with adhesive grippers. In the presented work, the aging, and therefore the altering of the
gripper material’s mechanical inherent viscoelastic properties, are omitted. For the prediction of
the service (replacement) interval times, the aging behavior has to be known and has to be verified
in future.
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Abstract: Being able to predict the lifetime of elastomers is fundamental for many industrial
applications. The evolution of both tensile and compression behavior of unfilled and filled neoprene
rubbers was studied over time for different ageing conditions (70 ◦C, 80 ◦C and 90 ◦C). While Young’s
modulus increased with ageing, the bulk modulus remained almost constant, leading to a slight
decrease in the Poisson’s ratio with ageing, especially for the filled rubbers. This evolution of
Poisson’s ratio with ageing is often neglected in the literature where a constant value of 0.5 is almost
always assumed. Moreover, the elongation at break decreased, all these phenomena having a similar
activation energy (~80 kJ/mol) assuming an Arrhenius or pseudo-Arrhenius behavior. Using simple
scaling arguments from rubber elasticity theory, it is possible to relate quantitatively Young’s modulus
and elongation at break for all ageing conditions, while an empirical relation can correlate Young’s
modulus and hardness shore A. This suggests the crosslink density evolution during ageing is the main
factor that drives the mechanical properties. It is then possible to predict the lifetime of elastomers
usually based on an elongation at break criterion with a simple hardness shore measurement.

Keywords: polychloroprene; ageing; mechanical properties; rubber elasticity theory; crosslinking

1. Introduction

Rubbers (also called elastomers) are loosely crosslinked networks of amorphous polymers having
a very low glass transition temperature [1]. Due to their macromolecular structure, these materials
are relatively soft (Young’s modulus on the order of 1–10 MPa) but display a large deformability
(up to about 10 times their original length), mostly reversible, due to an elasticity that is entropic
in nature [2]. Amongst this class of materials, polydiene-based elastomers such as polyisoprene or
polychloroprene (neoprene) have remarkable mechanical properties (especially a large elongation at
break) along with a good stability towards chemicals [3]. However, their use is often limited by the
fact that they harden and become brittle over the long term. These changes in mechanical properties
are most often caused by an oxidation phenomenon [4]. Indeed, the oxidation process leads to the
production of free alkyl/peroxyde radicals along the chain which can then react with the double bonds
by addition [5]. These inter-macromolecular addition reactions then contribute to an increase in the
crosslinking density [6].

The classical way to predict the lifetime of elastomers is to consider that the time to reach an
end-life criterion in terms of elongation at break (such as 50% of initial elongation at break) follows
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a pseudo-Arrhenius behavior. Based on accelerated ageing time test, an extrapolation at room
temperature can then be done to predict lifetime. However, this kind of extrapolation is highly
questionable since there are many experimental results showing that end life does not always follow
such an empirical law [7].

To avoid such extrapolation, a possible way is to develop an approach in two steps. The first
step is to build a kinetic model taking into account all the chemical mechanisms involved during
ageing: according to this model, it is then possible to simulate the chemical state and the chain
scission/crosslinking events whatever the exposure conditions in terms of time or temperature of
exposure (see for instance for the polychloroprene [8]). The second step is to relate the chemical state
and the chain scission/crosslinking events to the relevant property such as elongation at break or
hardness. This kind of structure–property relationship has to be valid whatever the accelerated ageing
conditions to be used in real conditions.

The prediction of the lifetime of elastomer parts first requires reliable constitutive models to
be established in 3D, i.e., taking the hydrostatic pressure into account. The basic Mooney–Rivlin
deformation energy W commonly used to assess the lifetime of engineering elastomeric structures is
expressed as Equation (1) [9]:

W = C10(I1 − 3) + C01(I2 − 3) + 0.5K(J − 1)2 (1)

where C10, C01 and K are the material parameters, K being in particular the bulk modulus of the
elastomer; I1 and I2 the first and second invariants of the deformation gradient tensor; J the Jacobian
which can be written as the volume ratio V/V0, with J = 1 for perfectly incompressible materials.

Deriving the uniaxial Cauchy stress σ from Equation (1) leads to:

σ =
1
J

(
2C10 +

2C01

λ

)(
λ2 − 1

λ

)
+ K(J − 1) (2)

with λ the elongation, defined as λ = l/l0 where l0 is the initial sample length.
The relationship between hyperelastic (Mooney–Rivlin) material parameters (C10, C01),

bulk modulus (K) and elastic properties at small strain (Young’s modulus E and Poisson’s ratio ν) can
then be summarized as follows:

E = 3(2C10 + 2C01) (3)

K =
E

3(1− 2v)
(4)

In this context, relating the evolution of both hyperelastic and elastic material properties to the
progress of the crosslinking process is one of the objectives of this study, since it is required for lifetime
prediction of the elastomers.

In the case of unfilled elastomers, the value of the Poisson’s ratio is often considered to be equal to
0.5, corresponding to an incompressible state of the material, i.e., a deformation that occurs at constant
volume [10,11]. However, elastomers are actually “ever so slightly” compressible and it is noteworthy
that measuring the Poisson’s ratio is not straightforward. In the case of filled elastomers, the value of
the Poisson’s ratio has been typically measured between 0.46 and 0.49 [12–14]. By using Equation (4)
and considering a typical elastomeric Young’s modulus of 10 MPa, such variation of the Poisson’s ratio
leads to an increase of the bulk modulus K from 42 MPa to 167 MPa. These values are in contradiction
with the supposed incompressibility assumption letting the bulk modulus K tends to infinity, and a
small uncertainty in the Poisson’s ratio measured value can easily lead to an uncertainty of as much as
an order of magnitude for K.

To the best of our knowledge, there are no results available allowing us to characterize such a
pair of hyperelastic and elastic parameters during an oxidative crosslinking, which is then required to
perform finite elements simulations of industrial parts. In the literature, the changes in mechanical
behavior during the crosslinking process induced by oxidation are characterized mainly by tensile
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tests to assess E [15] or toughness in mode I [16]. However, although different loading conditions are
investigated through these experiments, none of them gives access simultaneously to two parameters as
described above. Therefore, a relevant mechanical characterization is required for a proper assessment
of E and ν (or K), which can monitor not only the changes in terms of Young’s modulus during the
crosslinking process due to ageing, but also the possible changes in terms of compressibility modulus
or Poisson’s ratio.

In this study, the objective is to characterize the mechanical behavior of filled and unfilled
crosslinked polychloroprene through tensile and oedometric compression tests to assess both the
change of E and ν (or K) over time at different oxidative conditions. The choice of several oxidative
conditions has been driven to check possible relationships between these values independently of
oxidation rate, i.e., temperature of exposure. A specific attention is paid to promote spatial homogeneous
oxidation for the samples considered here in order to assess only intrinsic material relationships.

Finally, the evolution of the elastic properties E and K during ageing is compared to elongation at
break or hardness which are classically used to follow oxidative ageing of elastomers. The second
objective of the study is then to propose correlations between all these mechanical properties, which
shall be valid not only during the whole oxidation process but also for both unfilled and filled
elastomers. As a result, a critical value for a specific property (easy to measure, such as hardness
shore A) could be used as a proxy for critical values of properties that are much harder to assess
(such as elongation at break), for lifetime prediction purposes.

2. Materials and Methods

Thin rectangular plates (thickness = 2 mm) of unfilled neoprene rubber and of neoprene filled with
40 phr (~30 wt %) of carbon black were provided by Nuvia (Villeurbanne, France). To study the impact
of the thermal oxidative ageing on the mechanical properties, the plates were aged at three different
temperatures (70 ◦C, 80 ◦C and 90 ◦C) during specific ageing times. It was verified with microindentation
tests that ageing was homogeneously distributed throughout the samples (see Appendix A). All samples
were thoroughly characterized after each ageing time. Specifically, differential scanning calorimetry
(DSC) was used to follow the consumption of antioxidants/stabilizers under oxidative ageing.
Mechanical tests, namely tensile, hardness, and oedometric tests, were developed to follow the
evolution of the mechanical properties, namely Young’s modulus, elongation at break and bulk
modulus, with the ageing time. All mechanical tests were carried out at ambient temperature.

2.1. DSC/OIT

The antioxidants/stabilizers consumption was analyzed through the determination of the oxidation
induction time (OIT) measured with a Q20 DSC from TA Instruments (New Castle, DE, USA).
Polychloroprene samples with a mass ranging between 7.0 and 8.0 mg were placed in aluminum
standard pans (TA Instruments) without a lid. Reference consisted of an empty aluminum pan,
also without a lid. After equilibrating the temperature at 50 ◦C and an isothermal of five minutes,
the samples were heated to 180 ◦C at 10 ◦C/min under nitrogen flow at 50 mL/min. Temperature
was then maintained at 180 ◦C for five minutes before substituting nitrogen for oxygen for 250 min.
OIT corresponds to the intersection of the tangent of the baseline at the time of atmosphere change
with the tangent at the beginning of the oxidation peak.

2.2. Tensile Tests

The tensile tests were conducted on H3 dog-bone specimens (4 mm wide, 2 mm thick and 20 mm
long obtained with a cutting-die) with a 5966 Instron tensile machine (Instron, Élancourt, France).
Two samples were tested per ageing condition. Forces were monitored using a load cell of 10 kN.
The specimens were stretched up to failure with a crosshead speed set to 20 mm/min. Due to the ability
of the samples to undergo very large strains, pneumatic clamping jaws were used to avoid slippage.
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Young’s modulus was determined by fitting the stress–elongation curves in the λ = [1; 1.45] region
with a Mooney–Rivlin incompressible model in uniaxial tension, i.e., following Equations (2) (adapted
for engineering stress) and (3).

2.3. Hardness Tests (Shore A)

The hardness of the material was measured using a shore A durometer (model LX-A-Y from RS
PRO, Corby, UK). The measured values indicate the resistance to indentation of the tested material on
a scale between 0 (depth of indentation equal to the sample thickness) and 100 (no indentation).

2.4. Oedometric Compression Test

The oedometric compression tests were conducted on discs (diameter = 25 mm and thickness = 2 mm)
obtained from the rubber plates with a cutting die. A stack of three discs was inserted in a lab-made
apparatus consisting in a steel die with a compression applied by means of a rigid stamp. A small gap
(less than 0.5 mm) between the samples and the steel die was initially set to allow the specimens to be
positioned inside the die. The compression load was applied with a tensile/compression Instron machine
(model 5982, Instron France) with a load cell of 100 kN. The specimens were compressed to about 95 kN
with a displacement speed set to 1 mm/min.

3. Results

3.1. Chemical Stability: OIT Changes

Figure 1a reports the changes of OIT as a function of ageing time for filled and unfilled polymers
at the three temperatures of exposure. The initial OIT gap between unfilled and filled samples can be
attribute d to different processing conditions leading to a higher antioxidants loss in the case of the
filled samples, such as a supplementary blending step at high temperature, using an extruder or an
internal mixer.

(a) (b) 

Figure 1. (a) Oxidation induction time (OIT) and (b) relative OIT (OITr) evolution as a function of ageing time.

As expected, OIT decreases with ageing time, indicating a consumption of the antioxidants/stabilizers
during the samples exposure. OIT reaches a plateau value close to 0 for the filled rubbers indicating an
almost total consumption of the antioxidants. This plateau is reached at 2000–3000 h for samples aged at
90 ◦C and after about 6000 h for the filled samples aged at 70 ◦C, while it was not obtained for the unfilled
samples aged at the same temperature during the total time of the experiment (8000 h).

In order to take into account the fact that unfilled sample shows a higher initial OIT value, we plot
here in Figure 1b “relative OIT” (OITr) which is defined equal to the actual OIT for the filled samples,
and for the unfilled values as OIT − 0.6 (which is the OIT difference at t = 0 h between unfilled (1.7) and
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filled (1.1) samples). Thus, Figure 1b shows the relative OIT for the three temperatures of exposure
and allows to compare both elastomers in terms of OIT decrease. It clearly appears that the relative
OIT decrease rate (i.e., the slope of the “linear” region shown as dotted lines in Figure 1b) follows the
same trend for both elastomers whatever the exposure temperature. As a result, filled and unfilled
elastomers show the same ageing kinetic and differ only by their initial state.

A classical way to quantify the relative OIT change during ageing as a function of temperature is
to consider the slope x of the linear region follows a pseudo-Arrhenius behavior with temperature [7],

i.e., x = x0e
Ea
RT with Ea the activation energy (J/mol), R the gas constant = 8.314 J/mol/K and T the

temperature (in kelvin). Ea is then considered as a characteristic of the process and its activation by
temperature. Here, the temperature of exposure activates the OIT drop rate with an activation energy
close to 78 kJ/mol considering such behavior.

3.2. Tensile Tests

Figure 2 displays representative tensile curves for unfilled (a) and filled (b) samples aged at 90 ◦C
and tested at different ageing times. The plots show the engineering stress (the applied load divided
by the unstretched cross-sectional area) as a function of the elongation λ.

In Figure 2a, it can be observed that the unfilled rubber undergoes a very large strain, leading
to a pronounced hardening before failure. For polychloroprene rubbers, it has been reported that
this hardening is due to strain-induced crystallization (SIC) [17]. As proposed in [18], SIC-related
stress hardening during tensile test appears amplified by the presence of fillers (see Figure 2b). This,
along with the filler properties, leads to the samples initially stiffer but with a smaller elongation at
break than the unfilled rubbers. Both SIC onset associated to the stress–elongation curve upturn and
elongation at break decrease monotonously with ageing. Furthermore, the upturn phenomenon is
only clearly visible for the nonaged sample and disappears for the aged samples. However, all tensile
curves show a similar trend with ageing: stiffening and elongation at break decrease, both trends being
attributed to extra crosslinking induced by ageing.

(a) (b)

Figure 2. (a) Tensile curves to failure of samples aged at 90 ◦C for unfilled and (b) filled rubbers.

Moduli changes can be extracted from the stress–elongation curves for both rubbers at all exposure
conditions. Figure 3 shows the evolution of the Young’s modulus (E) with ageing time for unfilled (a)
and filled (b) rubbers. This confirms that E continuously increases with ageing and that this increase is
more pronounced at higher temperatures of exposure for a given ageing time. Similar trends have
been obtained on a carbon black filled butadiene in [19]. Since modulus is driven by the crosslink
density, it is thus possible to follow chemical modification through this quantity. Activation energy
for the modulus (calculated using the same procedure as the one described for the OIT assuming
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here an Arrhenius behavior) increase rate is close to 90 kJ/mol for the unfilled and 84 kJ/mol for the
filled rubber.

(a) (b)

Figure 3. (a) Evolution of Young modulus (E) with ageing time for unfilled and (b) filled rubbers at
70 ◦C, 80 ◦C and 90 ◦C.

In order to study the fillers’ effect on the modulus evolution, the ratio of the filled and unfilled
moduli is plotted as a function of ageing time at the three temperatures in Figure 4. It appears this
ratio is almost constant for all temperatures and ageing time, with a value of about 4.5. It is worth
noting that this value is higher than the Guth and Gold equation [20,21] given by Equation (5):

E f illed

Eun f illed
= 1 + 2.5ϕ+ 14.1ϕ2, (5)

where ϕ is the effective volume fraction of filler.
Assuming a density of 2 g/cm3 for carbon black and 1.2 g/cm3 for the elastomer [22], the volume

fraction of fillers here is about 0.2, which yields a value of 2 for the modulus ratio using Equation (5).
A modified equation by Guth [20] takes into account the shape factor f of the carbon black

(see Equation (6)):
E f illed

Eun f illed
= 1 + 0.67 fϕ+ 1.62 f 2ϕ2 (6)

With a shape factor f = 6.5 as determined by Mullins and Tobin [23], Equation (6) gives a value of
4.6 for modulus ratio, consistent with the experimental data, as can be seen in Figure 4.

Figure 4. Ratio of the filled and unfilled moduli as a function of ageing time for three ageing temperatures.
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Finally, if we consider modulus changes as a tracer of the chemical degradation, a correlation
between chemical stability (i.e., OIT) and the evolution of normalized Young’s modulus (defined as
E(t)/E(t = 0)) shall be evidenced. Figure 5 presents normalized modulus as a function of normalized
OIT (OITn = OIT(t)/OIT(t = 0)) for both filled and unfilled rubbers at the three ageing temperatures.
All the data display a similar trend and fall within the same envelope (see dotted lines in Figure 5):
starting from high normalized OIT values (unaged rubbers), normalized Young’s modulus increases
as normalized OIT decreases until a limit value of OIT which corresponds to a total consumption of
stabilizers (OITn reaching values close 0).

Figure 5. Normalized modulus En as a function of normalized oxidation induction time OITn.

From Figure 2, it is also possible to extract the elongation at break evolution, which is a relevant
parameter often used as a criterion to define end-life duration in industrial applications of such
materials [24]. As expected, Figure 6 shows the elongation at break decreases with ageing, again in a
much more pronounced way at higher temperatures.

This embrittlement process is necessarily associated with the crosslink density increase already
witnessed through modulus changes. From a kinetic point of view, elongation at break decrease rate
shows an activation energy close to 86 kJ/mol for the unfilled and 74 kJ/mol for the filled rubber,
consistent with the values obtained for the moduli.

Figure 6. Evolution of the elongation at break with ageing time.

3.3. Hardness Tests (Shore A)

Although values obtained from hardness tests are a priori too qualitative to identify the elastic
parameters, they are easy to obtain and as such often used in the industry. Figure 7 shows the evolution
of the materials hardness with ageing time. It appears that the hardness of the rubbers increases with
ageing similarly to the Young’s modulus.
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Figure 7. Hardness Shore A evolution with ageing time.

3.4. Bulk Modulus

The small-strain elastic mechanical behavior of isotropic materials is fully characterized by a
couple of parameters, for example Young’s modulus (E) and bulk modulus (K). If the evolution of the
Young’s modulus with ageing is often reported in the literature [15], no data concerning such evolution
of the bulk modulus of elastomers are available according to our knowledge.

Figure 8 shows such evolution for unfilled (see Figure 8a) and filled (b) rubbers. The values
obtained are in the GPa range, similar to previous reports for elastomers [25]. Contrary to what has
been observed for Young’s modulus (see Figure 3), the effect of ageing on the bulk modulus is small
both in terms of time and temperature dependency (i.e., less than 5% variations). It can also be noticed
that the bulk moduli of filled rubbers are slightly higher than the ones of unfilled rubbers (from about
1100 MPa to 1200 MPa).

Let us recall Young’s modulus can be related to the crosslink density, whereas bulk modulus is
essentially controlled by van der Waals forces [26,27]. Chemical degradation yielding a crosslinking
process does not modify significantly the van der Waals’ energy.

(a) (b) 

Figure 8. (a) Evolution of the bulk modulus (K) with ageing time for unfilled and (b) filled rubbers at
70 ◦C, 80 ◦C and 90 ◦C.

4. Discussion

4.1. Structure-Properties Relationships

The Young’s modulus of rubbers can be related to the crosslink density following Equation (7):

E = 3NρRT. (7)
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with N the crosslink density in mol/kg and ρ the elastomer density (kg/m3) [28]. As a consequence,
the crosslink density modifications which can be deduced from E measurements may be linked to
OIT, elongation at break and hardness changes. Although FTIR measurements only slightly evidence
oxidation products in the timeframe of the ageing experiments (see infrared spectra in Appendix B), it is
well known that oxidation leads to crosslinking in the case of polychloroprene rubbers during long-term
exposure in air, due to addition reactions between alkyl/peroxyl radicals and double bonds [6,8]. This is
consistent with the fact that OIT decreases when E increases.

To confirm this, the activation energies estimated in the previous section for all these properties
are listed and can be compared in Table 1: it appears that all activation energies are close to 80 kJ/mol,
suggesting that all these properties changes have the same chemical origins and are driven by the same
mechanisms. In [4], similar activation energy characterizing the degradation was found (~90 kJ/mol),
the values for the unfilled neoprene also being slightly higher than those of the filled material. Finally,
note that the hardness shore A activation energy value is a bit smaller for the unfilled samples but that
is probably due to experimental uncertainty as the variations of hardness over ageing time are very
small for these samples.

Table 1. Activation energy for all parameters understudied.

Ea (kJ/mol) E OIT λb Hardness

Unfilled 90 78 86 53
Filled 84 78 74 72

Let us also examine direct correlation between E and hardness. Many relationships between E and
hardness shore A (SA) are proposed in the literature [29,30]. In [30], a finite element simulation study leads
to a linear relation between the logarithm of the elastic modulus and the hardness values (see Equation (8)):

log10E = c1 SA−c2 (8)

with c1 and c2 empirical constants determined from the best fit as c1 = 0.0235 and c2 = 0.6403 for
20 < SA < 80 [30].

In Figure 9, E is plotted as a function of SA. According to the previous approach, our experimental
results lead to c1 = 0.0245 and c2 = 1.075 for both filled and unfilled samples, independently of ageing,
in the 40 < SA < 85 range, which is in good agreement with the values reported previously [30].

Figure 9. Young’s modulus (E) versus hardness shore A for all samples (filled, unfilled) and temperatures.

Finally, we would like now to study possible correlations between λb and E. As a first
approximation, the elongation at break can be related to the chain dimensions [1]: assuming an
initial Gaussian conformation R0 =

√
nl with R0 the chain end-to-end distance, n the average number
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of repeating units in the chain and l the monomer typical size, and fracture occurring when the chain
extension reaches a maximal value Rmax = nl, we can write Equation (9):

λb∝Rmax

R0
=
√

n (9)

Similarly, the Young’s modulus of rubbers can be related to the molar mass between crosslinks,
according to Equation (7) rewritten under the form E= 3

ρRT
Mc

with Mc the molar mass between crosslinks

(in kg/mol), which is proportional to n. Hence, λb should scale as 1/
√

E which is indeed observed in
Figure 10. Interestingly, this simple scaling remains valid whatever the ageing conditions and for both
filled and unfilled materials.

Figure 10. λb versus 1/
√

E for all samples (filled, unfilled) and temperatures.

The linear fit gives the following value with E in MPa: λb = 20.7/
√

E−4.
Assuming again a density of 1.2 g/cm3, and with a molar mass M0 of 88 g/mol for the

polychloroprene monomer, the calculated prefactor is
√

3ρRT
M0
≈ 10 MPa−1/2. This is in very good

agreement with the value obtained from the fit. Note the calculated value is obtained by assuming
the typical molar mass between crosslinks is the molar mass of the whole chain, which explains the
slightly underestimated value obtained.

To conclude this part, correlations between E, λb and hardness shore A show a direct relation
according to simple physical relations from rubber elasticity theory. Interestingly, these correlations
are valid for the filled and unfilled rubbers during ageing. From a practical purpose, the choice of a
critical value for one of these three properties can be simply translated in terms of crosslink density
changes during ageing.

4.2. Poisson’s Ratio

All mechanical properties determined here have to allow the description of the behavior law
which can be, for example, later used in a finite element code: E and v or the shear modulus G and K
for instance. The final objective would be to perform simulations to predict strain and stress in an
elastomer part under loading and after ageing.

Figure 11 shows the evolution of the Poisson’s ratio (v) with ageing time of both unfilled (a) and
filled (b) rubbers aged at three different temperatures. Values of v were obtained using the following
relationship that links E and K (see Equation (4), rewritten as follows): v = 0.5 (1−E/3K).
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(a) (b)

Figure 11. (a) Poisson’s ratio versus ageing time for unfilled and (b) filled rubbers at 70 ◦C, 80 ◦C and 90 ◦C.

It can be noted again that the often used approximation for rubbers v = 0.5 is an upper limit
(see Figure 11) obtained when K tends to infinity. For this reason, this limit value cannot be used in
finite elements simulations.

We can observe a small linear decrease of v from 0.4996 to 0.4986 at 90 ◦C and 0.4988 at 80 ◦C
in the case of filled rubbers. However, in the case of unfilled rubbers (and of filled rubbers at 70 ◦C),
the decrease of v may be considered as negligible, with a value of 0.4995 ± 0.0004. To the best of our
knowledge, this is one of the first measurements of the evolution of the Poisson’s ratio with ageing
for elastomers.

5. Conclusions

In this article, we described the evolution of Young’s modulus, elongation at break and hardness
shore A as a function of ageing conditions. In this study, we also developed an experimental protocol
allowing to estimate the Poisson’s ratio evolution for the same sample. If the Poisson’s ratio is only
marginally affected by ageing for the unfilled rubbers, a slight decrease is witnessed in the case of
the filled rubbers. This point, previously unseen in the literature, has to be taken into account for 3D
element finite simulations of aged rubber industrial parts.

It is shown that Young’s modulus and elongation at break can be quantitatively linked to each other
using simple scaling arguments coming from the rubber elasticity theory, whatever the samples (filled
or unfilled) and ageing time and temperature. This strongly suggests that the mechanical properties
evolution is mainly driven by the extra crosslinking of the neoprene matrix, induced by ageing.

Since Young’s modulus and hardness are also related quantitatively to each other, it can then be
possible to predict the lifetime of elastomers based on an elongation at break criterion with a simple
hardness shore measurement. This result may have numerous applications for industries where
predicting such lifetime is of fundamental importance. This precise measurement of the Poisson’s ratio
could also open the way to more quantitative mechanical models.
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Appendix A

Small pieces of neoprenes (about 10 mm long, 5 mm large and 2 mm thick) were cut and embedded
in epoxy resin. The epoxy embedded neoprenes were then polished in order to obtain flat areas.
Local moduli were measured each 200 μm along the neoprenes thickness with a microhardness
tester from CSM + Instruments equipped with a conospherical indenter. Hertz’s model was used to
determinate the modulus from the loading region of the strength–indentation depth curves.

The modulus profiles along the thickness measured by microindentation for three filled neoprenes
aged at 90 ◦C during different times are presented in Figure A1. For the most aged sample (3000 h),
the highest modulus increase between the center of the sample and its edge was around 17%. This value
was slightly higher (33%) for the unaged sample. Our results demonstrate the absence of oxidation
profile within the samples thickness. Indeed, these increases are both very small compared to the
increases reported by Wise et al. [31] for neoprene aged at 100 ◦C (>100% increase) and by Le Gac et al.
who reported a modulus approaching 1 GPa in the 100 μm superficial zone for neoprene aged at
120 ◦C [32].

Furthermore, it is interesting to note that the ratio between the average moduli measured by
microindentation and the average moduli measured by traction is similar for the different exposition
conditions (~1.5–2).

Figure A1. Evolution/profile of modulus through the thickness measured by microindentation of a
2 mm-thick sample aged at 90 ◦C for different durations.

Appendix B

Unfilled neoprene plates were analyzed by Fourier transform infrared spectroscopy (FTIR) in
attenuated total reflectance (ATR) mode using a Frontier FTIR spectrometer from Perkin Elmer. Spectra
were obtained in the 4000–650 cm−1 region with a resolution of 4 cm−1 and 16 scans.

The spectra of neoprene aged at 90 ◦C for different times are presented in Figure A2. The spectral
range between 2000 and 1000 cm−1 is of particular interest when studying polychloroprene degradation
due to the presence of bands attributed to oxidation products [4,5,32]. It should be noted that unfilled
neoprene has been aged up to 6000 h for this analysis, while in the rest of the study the longest ageing
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time was 3000 h. The intensity of the band centered at 1590 cm−1 clearly increases with ageing, but the
change becomes only significant after 4900 h. This band can be attributed to carboxylate species.
Their presence results from the conversion of acid chlorides and carboxylic acids during ageing in the
presence of a small amount of metal oxides such as ZnO, classically used as an activator for the sulfur
vulcanization of rubbers [33].

Figure A2. FTIR spectra of neoprene aged at 90 ◦C for different durations.
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Abstract: Electrorheological elastomers based on polydimethylsiloxane filled with hydrated titanium
dioxide with a particle size of 100–200 nm were obtained by polymerization of the elastomeric matrix,
either in the presence, or in the absence, of an external electric field. The viscoelastic and dielectric
properties of the obtained elastomers were compared. Analysis of the storage modulus and loss
modulus of the filled elastomers made it possible to reveal the influence of the electric field on the
Payne effect in electrorheological elastomers. The elastomer vulcanized in the electric field showed
high values of electrorheological sensitivity, 250% for storage modulus and 1100% for loss modulus.
It was shown, for the first time, that vulcanization of filled elastomers in the electric field leads to a
significant decrease in the degree of crosslinking in the elastomer. This effect should be taken into
account in the design of electroactive elastomeric materials.

Keywords: crosslinking; TiO2; nanomaterials; stimuli-responsive materials; smart materials

1. Introduction

The electrorheological effect is a reversible and rapid change in the physicomechanical properties
of a composite dielectric material when an external electric field is applied [1,2]. Materials exhibiting the
electrorheological effect, and their analogues–magnetorheological materials, are typical representatives
of smart materials that are extremely promising for application in various industrial devices,
including vibration absorbers, dampers, etc. [3,4].

Depending on the type of dielectric dispersion medium, electrorheological fluids (liquid dispersion
medium) and electrorheological gels and elastomers (solid dispersion medium) are distinguished [5,6].
In electrorheological fluids, the electrorheological effect is caused by the movement of particles of
the polarizable disperse phase in an electric field, with the formation of ordered structures and the
transition of the dispersed system from a viscous flowing state to a viscoplastic state [7,8]. The main
disadvantage of electrorheological fluids is the lack of long-term stability and gradual sedimentation
of particles of the disperse phase. Despite the fact that a strong electrorheological effect was observed
for suspensions containing particles of a disperse phase with a high density (up to 7 g/cm3) [9–12],
providing sedimentation stability of electrorheological fluids usually requires the use of additional
stabilizers or constant mixing of the suspension.

In electrorheological elastomers, the mobility of the particles of the disperse phase (filler particles)
is hindered by the polymer matrix, so there is no problem of sedimentation stability in such systems.
Unfortunately, almost complete immobility of the filler particles does not allow for restructuring
of the electrorheological elastomer when an electric field is applied, and so in these materials the
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electrorheological effect arises due to dipole-dipole interactions between isolated particles of the
disperse phase [13].

A number of studies have been devoted to the creation of electrorheological elastomers, covering
the use of various fillers and polymer compositions, aimed at the development of electrorheological
elastomers with improved dynamic characteristics and mechanical properties, and the development
of model representations to describe the electrorheological and viscoelastic mechanical behavior
of elastomers, as well as the search for possible areas of practical application of electrorheological
elastomers [14–20]. Despite some advances in the field of electrorheological elastomers production,
the design of electrorheological elastomers with large-scale changes in viscoelastic properties in electric
fields is currently difficult, due to the lack of a generally accepted behavior theory for such disperse
systems. As a first approximation, the polarization theory is applied, which is generally used for
the interpretation of the electrorheological effect in electrorheological fluids. Based on this theory,
the key parameters determining the electrorheological effect are the electric field strength, the distance
between the filler particles, the dielectric relaxation time as well as the dielectric constant, the dielectric
loss tangent and the electrical conductivity of the materials of the filler particles, and the dispersion
medium [3,21–27]. The surface chemical composition of particles in the disperse phase [28–30],
the presence of the regions with a reduced viscosity in the dispersion medium [31], as well as the
nature of the distribution of filler particles in the matrix, can also make a significant contribution to the
formation of the electrorheological effect.

The most well-known and simple method to organize the structure of electrorheological elastomers
is the polymerization of dielectric suspensions in a constant electric field [13]. During the polymerization,
ordered structures are preserved, resulting from the arrangement of polarized particles of the disperse
phase in a liquid. As a rule, the electrorheological effect for structured elastomers is greater than for
materials with a stochastic distribution of filler particles, which is associated with the smaller distance
between the particles of the disperse phase. Anisotropically-filled elastomers are also characterized by
a higher dielectric constant and Maxwell–Wagner dispersion [32–34].

At the same time, the factors determining the magnitude of the electrorheological response of
filled elastomers remain largely unexplored. In our opinion, the strength of contact between the
particles of the disperse phase and the dispersion medium is of great importance, as well as the
presence of low molecular weight compounds on the surface of the particles, which act as activators
of the electrorheological effect. In particular, during the curing of the elastomer in the electric
field, regions with different degrees of polymerization of the elastomer may appear, which could
unpredictably affect the physicomechanical properties of the material.

The aim of this work is to analyze the dielectric and electrorheological characteristics of
polydimethylsiloxane elastomers containing amorphous hydrated titanium dioxide vulcanized in,
and in the absence of, an electric field.

2. Experimental Part

Titanium dioxide was synthesized by the hydrolysis of titanium tetraisopropoxide (#87560,
Sigma-Aldrich, Darmstadt, Germany) in non-absolute ethanol. A 250-mL flask containing 50 mL of
95.6% ethanol was placed in a dry box and, with vigorous stirring, 12.7 g of Ti (OiPr)4 was added
dropwise to ethanol. The resulting white precipitate was kept in the mother liquor, under continuous
stirring at room temperature, for 5 h, after which it was separated by centrifugation and dried to a
constant mass in an oven at 60 ◦C.

To obtain a composite material containing titanium dioxide dispersed in a polydimethylsiloxane
matrix, we used liquid siloxane rubber (polymerization degree, n = 100–5000) with terminal silanol
groups (Vixint PK-68A compound, NPP Khimprom LLC, Yekaterinburg, Russia). Titanium dioxide
powder was mixed with a siloxane liquid to obtain a composite containing 30 wt.% (~17 vol.%)
TiO2, and the resulting suspension was mixed for 30 min, followed by the addition of 3 wt.% of the
polymerization catalyst (a solution of aminopropyltriethoxysilane in ethyl silicate with a mass ratio of

74



Polymers 2020 , 12 , 2137

1:4) [35] and vigorous stirring of the resulting mixture at 500 rpm for 5 min, after which the mixture
was evacuated at 10–2 atm to remove air bubbles. The obtained suspension was placed in a cylindrical
polymethylmethacrylate container with a diameter of 20 mm and depth of 2.5 mm, and was left to
cure at room temperature. A mold with flat electrodes installed in its base was used for curing the
suspension in the electric field. Within an hour of filling the mold, an alternating (10 Hz) voltage
of 5 kV was applied to the electrodes. Complete curing of the elastomer was achieved within 5 h.
Upon the vulcanization, the elastomers adhered firmly to the electrodes, eliminating possible electrode
slip relative to the elastomer sample surface. Hereafter, a sample vulcanized in the absence of an
electric field is designated ERE-0, and a sample vulcanized in an electric field at a voltage of 5 kV is
designated ERE-5.

X-ray diffraction analysis (XRD) was carried out using a Bruker D8 Advance diffractometer
(Karlsruhe, Germany) (CuKα radiation) in the angle range 5–80◦ 2θ, with a step of 0.02◦ 2θ and an
accumulation duration of 0.2 s/step.

Scanning electron microscopy (SEM) was performed using a Tescan Vega 3 SBH microscope
(Kohoutovice, Czech Republic) at an accelerating voltage of 5 kV.

IR spectra were recorded using a Bruker VERTEX 80v IR Fourier spectrometer (Karlsruhe,
Germany). The FTIR reflection spectra were recorded in the region of 400 to 4000 cm−1, with a
resolution of 2 cm–1, at room temperature.

Low-temperature nitrogen adsorption analysis was performed using a Quantachrome NOVAtouch
NT LX-specific surface and porosity analyzer (Boynton Beach, FL, USA).

The dependences of the dielectric constant and dielectric loss tangent on the frequency
of the electric field of composite elastomers were measured in a capacitor-type cell with
spring-loaded disk plane-parallel electrodes made of polished stainless steel, using a Solartron
SI 1260 Impedance/Gain-Phase analyzer (Farnborough, United Kingdom) in the frequency range
25–106 Hz at 1 V voltage. The effect of the electric field strength on the dielectric characteristics of
filled elastomers was analyzed in the same cell, using an Electronpribor MEP-4CA Schering Bridge
(Moscow, Russia) with a reference capacitor at a frequency of 50 Hz in the voltage range 0.2–1.0 kV.
All measurements were performed at room temperature.

To conduct electrorheological measurements, a rheometer operating in the controlled shear
deformation mode was used with a stepper motor with a controlled rotation speed and a torque
measuring system. A cell with two parallel plates of polished brass with a diameter of 20 mm and an
adjustable gap was used for all measurements. A voltage up to 5.0 kV was generated between the
upper movable plate and the lower plate connected with the strain gauge; after 60 s, the rheometer
drive was turned on and the measured torque values were recorded automatically every 0.1 s at a
shear rate of 0.1 rad/s until shearing angle reached 0.192 rad. After the measurement, the rheometer
plate was returned to a starting position. The absence of the electrode slip relative to the sample
surface was checked by the coincidence of marks applied on the side faces of the electrodes and the
elastomer sample.

3. Results and Discussion

Figure 1 shows the results of the analysis (XRD, SEM, low temperature nitrogen adsorption) of
titanium dioxide powder obtained by hydrolysis of titanium isopropoxide in ethanol. The titanium
dioxide powder was almost completely X-ray amorphous; the diffraction pattern (Figure 1a) contained
weak reflections (in particular, ~25.7◦ 2θ), which can be attributed to anatase [36]. The amorphous
state is typical of titanium dioxide obtained by the sol-gel method without any further hydrothermal
or thermal treatment [37,38]. At the same time, as previously noted in a number of studies, amorphous
titanium dioxide can exhibit short-range order typical of crystalline polymorphic modifications of TiO2

(in particular, anatase), which determines the mechanism of its crystallization in aqueous media at
elevated temperatures [39].
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Figure 1. The analysis results of titanium dioxide powder obtained by hydrolysis of titanium
isopropoxide in ethanol, using (a) XRD (Bragg positions correspond to anatase); (b) SEM;
(c) low-temperature nitrogen adsorption. The inset shows the pore size distribution.

SEM data (Figure 1b) indicated a rather low degree of agglomeration of the obtained TiO2 powder,
which consisted of relatively large (100–200 nm) particles of an almost isotropic shape. The specific
surface area of the powder (65 m2/g) indicated that these particles were sufficiently dense, which was
further confirmed by the fact that only small mesopores (4–8 nm) were present in the powder, while the
larger mesopores, as well as micropores, were nearly absent. Capillary condensation hysteresis
(Figure 1c), which belongs to type H2, according to the IUPAC classification (type E according to the
de Boer classification) [40], indicated the presence of narrow, cylindrical pores.

The shear modulus [41] was used to describe the viscoelastic properties of elastomers, which is
considered as the complex number G ∗ = G′ + iG′′ , where G′ (storage modulus) is connected with the
energy consumption for the deformation of the elastic structural elements in the elastomer, and G′′

(loss modulus) characterises the energy dissipation into viscous losses.
Figure 2 shows the storage and loss moduli of the composite elastomer obtained by vulcanization

in the absence or in the presence of an electric field, as functions of the relative deformation in external
electric fields of various strengths. For comparison purposes, the storage and loss moduli of bare
elastomer samples obtained by vulcanization in the absence or in the presence of an electric field,
as functions of the relative deformation are presented in Figure S2. Bare elastomer samples vulcanized
in the absence or in the presence of an electric field (see Figure S2), show virtually no dependence on
the storage and loss moduli on the relative deformation. The G′ and G′′ values for unfilled elastomers
are lower than that of the filled ones, confirming higher elasticity and lower viscosity of the former
under rotational strain.

The data presented in Figure 2 indicate that, in the absence of an electric field, the ERE-0 sample
behaved as a highly elastic material; the storage modulus at a shear rate of 0.1 rad/s at low strain values
was about 1.8 MPa. In turn, the storage modulus of the ERE-5 sample under the same conditions was
about 0.5 MPa. Until a 0.5% degree of deformation was reached, the values of the storage modulus for
both samples remained constant and decreased at large strains. This effect is similar to the well-known
Payne effect (otherwise called the Fletcher-Gent effect) observed for filled elastomers [42,43] and which
arises from the bonds breaking between filler particles [44]. The presence of the Payne effect indicates
a high degree of interaction between the filler particles in the composite elastomer [45].

Previously, the Payne effect was detected in magnetorheological elastomers, and the magnitude
of the effect increased when an external magnetic field was applied [46]. Our data confirm the results
of a recent study [45] mentioning the Payne effect in polysiloxane-based electrorheological elastomers.

It is noteworthy that, for ERE-0 and ERE-5 samples, the values of the storage and loss moduli
remained constant at low strain values in the entire range of external electric field strengths (Figure 2).
To determine the effect of the electric field strength on the value of the Payne effect in electrorheological
elastomers based on polydimethylsiloxane, the values of the storage and loss moduli were estimated at
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zero and infinitely large deformations [42] and the corresponding differences were calculated, G′0 −G′∞
and G′′0 −G′′∞ (Figure 3).

 
(a) (b) 

Figure 2. Storage modulus (G′) and loss modulus (G′′ ) as functions of relative deformation in electric
fields of various strengths (1–0 kV/mm; 2–0.4 kV/mm; 3–1.2 kV/mm; 4–2 kV/mm) for elastomer samples
modified with titanium dioxide and vulcanized (a) in the absence of an electric field and (b) in an
electric field. The shear rate was 0.1 rad/s.

Figure 3. The effect of the external electric field strength on the value of the Payne effect for the storage
modulus (G′0 −G′∞) and loss modulus (G′′0 −G′′∞) for the ERE-0 and ERE-5 samples.

One can note that the values of the Payne effect for the storage and loss moduli increased in an
external electric field. This increase was apparently due to the fact that polarized filler particles, as a
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result of small spatial displacements (mainly rotation), contributed to an increase in the conformational
mobility of macromolecules.

The electrorheological sensitivity of the elastomers (the efficiency of converting the energy of an
electric field into mechanical energy, ηE) can be estimated using the relative increments of the storage
and loss moduli and in electric fields of different strengths (Figure 4) [25]:

η′E =
G′E −G′0

G′0
and η′′E =

G′′E −G′′0
G′′0

(1)

where GE is a storage modulus or loss modulus of the elastomer in an electric field; G0 is a storage or
loss modulus of the elastomer in the absence of an electric field.

 
(a) (b) 

Figure 4. The electrorheological sensitivity of composite elastomers (a) ERE-0 and (b) ERE-5 with
respect to storage (η′E) and loss (η′′E) moduli as function of relative deformation at various strengths of
an external electric field (1–0.4 kV/mm, 2–1.2 kV/mm, 3–2.0 kV/mm).

As follows from Figure 4a, the electrorheological sensitivity for the ERE-0 sample by storage
modulus reached 63% in the 2.0 kV/mm electric field, which corresponds to the characteristics obtained
for electrorheological composite elastomers filled with titanium dioxide [25,26]. Electrorheological
sensitivity for the sample ERE-0 by the loss modulus reached 450% in the 3 kV/mm field.

The electrorheological sensitivity for the ERE-5 sample was significantly higher by both storage
modulus and loss modulus (Figure 4b). In a 2.0 kV/mm electric field, the η′E value reached 250%,
and the η′′E value exceeded 1100%. High values of electrorheological sensitivity for the ERE-5 sample
indicate the high mobility of macromolecules in its structure and a significant range of changes in
its elasto-plastic properties when an electric field was applied, comparable with the control range of
magnetorheological elastomers [47]. It should be noted that the high electrorheological sensitivity of the
ERE-5 sample, in comparison with the ERE-0 sample, is consistent with significantly higher values of the
dielectric characteristics of the ERE-5 sample (see below)–the permittivity difference ε0–ε∞, higher tgδ
values at the point of relaxation maximum and slower relaxation processes during polarization,
which, according to general theories about the electrorheological sensitivity of electrorheological fluids,
should contribute to a pronounced electrorheological effect.
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A specific feature of the electrorheological elastomers ERE-0 and ERE-5 is their almost constant
electrorheological sensitivity in the region of small deformations (up to γ ≈ 0.5%) at a fixed value of the
external electric field. In the region of relative deformations γ > 0.5%, an increase in deformation led to
an increase in electrorheological sensitivity by 1.5–2 times. These observations indicate that, with a
relative deformation γ ≈ 0.5%, the polymer matrix was being rearranged, forming a relatively mobile
viscoplastic structure. This effect allows for expanding the range of regulation of the physicomechanical
properties of the composite elastomers using external electric fields.

The results obtained indicate that, in order to achieve high electrorheological sensitivity of
composite elastomeric systems, an elastomer material must be preliminarily turned to a stressed state
by a slight mechanical load. This stress can be caused by either external or internal, factors. In an
electric field, filler particles immobilized in a polymer matrix are affected by polarizing forces that
contribute to the rotation and displacement of particles relative to electric field lines. The movement
of particles leads to the deformation of polymer molecules, primarily due to their conformational
mobility, which in turn leads to an increase in the forced elasticity of the elastomer. The summation of
these phenomena determines the features of the electrorheological effect in filled elastomers.

At the same time, these features cannot clarify the differences in the electrorheological behavior
observed for the ERE-0 sample (vulcanized in the absence of an electric field and presumably
characterized by a stochastic distribution of particles of the disperse phase) and ERE-5 sample
(vulcanized in an electric field and presumably characterized by an anisotropic structure). In particular,
the significantly higher electrorheological sensitivity with respect to loss modulus observed for the
ERE-5 elastomer compared to the ERE-0 elastomer may have been due to the presence of a viscous
flowing component in the structure of the former.

To identify the nature of the differences in the electrorheological properties of the obtained
composite elastomers, an analysis of their dielectric characteristics was performed (Figures 5 and 6).

Figure 5. The dielectric constants (ε′, ε′′) as functions of frequency for (1) unmodified polydimethylsiloxane
and TiO2-modified polydimethylsiloxane samples: (2) ERE-0; (3) ERE-5.
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Figure 6. Cole–Cole diagrams for TiO2-modified elastomers: (1) ERE-0; (2) ERE-5.

The dielectric characteristics of a filler-free elastomer (Figure 5) were frequency independent,
while filled elastomers exhibited pronounced dependences of the dielectric constant and dielectric
loss tangent on the frequency of the electric field. Comparison of the dielectric characteristics of
filled elastomers (Figure 5) reveals that, for a sample vulcanized in the absence of an electric field,
the nature of the relaxation processes was close to Debye and typical for systems with an isotropic
structure. Conversely, for the asymmetry of the Cole–Cole diagrams (Figure 6), a larger range of
changes in the dielectric constant and large values of the dielectric loss tangent for a composite
elastomer vulcanized in an electric field indicates the presence of polarizable elements with different
characteristic relaxation times.

Figure 5 and Table 1 show the results of fitting the dielectric spectra of the elastomer samples to
the Havriliak–Negami Equation [48]:

ε′ω = ε∞ +
εS − ε∞(

1 + (i ωτ)α
)β (2)

where ε′ω is a dielectric permittivity at a circular frequency ω; εS–dielectric permittivity at zero
frequency; ε∞–dielectric permittivity at infinite frequency; τ–dielectric relaxation time; α, β–parameters
related to the distribution of relaxation times.

Table 1. The results of fitting the dielectric spectra of composite elastomer samples to Havriliak–
Negami equation.

Sample Name εS ε∞ ε∞ − εS τ α β

ERE-0 8.9 4.0 4.9 2.4·10–5 0.85 0.80

ERE-5 37.7 5.7 32.0 5.6·10–4 0.85 0.80

Table 1 shows that both (ε∞ − εS) and τ values for the ERE-5 sample are notably higher than those
for the ERE-0 sample, which is probably due to the different contribution of interphase polarization.
Figure S3 shows the frequency dependences of the composite elastomer conductivity, which are
typical to hopping charge transport mechanism in titanium dioxide prepared by sol-gel method [49].
ERE-5 sample demonstrates higher conductivity at frequencies below 55 kHz, while at higher
frequencies, the sample has lower conductivity. The different efficiency of charge transfer process
in these composites may be due to the different environment of titanium dioxide particles in the
elastomer matrix.

The ordered arrangement of the particles of the disperse phase in the elastomer is not the only
factor determining the dielectric characteristics of polymer composites, as the crosslinking density
of macromolecules is also an extremely important parameter. For temperatures above the glass
transition temperature of the polymer, the dielectric constant and dielectric loss tangent increase
with decreasing crosslink density of the macromolecules. A decrease in the crosslinking density of
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polydimethylsiloxane macromolecules (for example, due to the introduction of plasticizers [50]) can be
used for the advanced design of composites with improved electrorheological properties.

From the analysis of the electric field strength effect on the dielectric characteristics of composite
elastomers (Figure 7), it follows that in 0.1–0.4 kV/mm electric fields, the dielectric constant and the
dielectric loss tangent were directly proportional to the field strength. With an increase in the field
strength from 0.1 to 0.4 kV/mm, the change in ε value for the ERE-0 and ERE-5 samples was almost the
same, amounting to 0.5–0.9, while the change in the dielectric loss tangent for the ERE-5 sample (~0.14)
significantly exceeded the similar characteristic for the ERE-0 sample (~0.05). Since the conductivity
can be derived from the dielectric characteristics of the material [51]:

σ = ε0·ε·ω·tgδ (3)

where ω is a circular frequency, such a difference leads to a significantly larger increase in conductivity
in the electric field of an ERE-5 sample, compared with an ERE-0 sample.

Figure 7. The dielectric constant (ε) and dielectric loss tangent (tgδ) of composite elastomers (1) ERE-0
and (2) ERE-5 as functions of the electric field strength.

The higher conductivity of the composite elastomer ERE-5 can be caused by various factors.
First, as a result of vulcanization of the composite elastomer in an external electric field, aggregates
of disperse phase particles oriented in the direction of the electric field form in the volume of the
polymer, along which charge transfer can occur [52]. Obviously, with an equal content of the disperse
phase, the percolation threshold for composites containing oriented particle aggregates will be lower
than for a composite with a stochastic distribution of filler particles. At the same time, high dielectric
characteristics and, consequently, relatively high conductivity of elastomeric materials can be caused by
the presence of mobile structural elements, for example, low molecular weight compounds or polymer
molecules, with a lower average molecular weight compared to the main polymer component.

In order to identify the possible contribution of the latter factor to the electrorheological and
dielectric properties of the obtained elastomers, we assessed a degree of polymer crosslinking in
composites vulcanized in an electric field or without it. The crosslinking degree was evaluated
gravimetrically by determining the degree of swelling [53,54].

For this, samples of elastomers filled with titanium dioxide were immersed in toluene and left
to swell for one day, with stirring. After this, toluene was replaced by a different volume of toluene
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and the procedure was repeated for an additional day. After swelling, the samples were thoroughly
washed with ethanol and dried under reduced pressure (10–2 atm) at 50 ◦C.

The following equations were used for calculations:

β =
mH −mt

mt
·100% (4)

ωc =
m0 −mt

m0
·100% (5)

Here, β is the swelling degree; ωc is the mass fraction of components not polymerized into
a common network; m0 is the initial mass of the composite elastomer; mH is the mass of swelled
composite elastomer; mt is the mass of elastomer after washing with ethanol and drying. The weight
of titanium dioxide contained in the composite sample was subtracted from the values m0, mH, mt

before calculations. The Flory–Rehner equation was used to determine the degree of crosslinking [55]:

ν = − ln(1− ϑ2m) + ϑ2m + χ12ϑ2
2m

V1

(
ϑ

1
3
2m − ϑ2m

2

) , (6)

where ν is a degree of crosslinking of the elastomer; V1 is the molar volume of the solvent (106.5 cm3/mol
for toluene); ϑ2m is the molar fraction of the polymer for the equilibrium swelling; χ12 is the
Flory–Higgins coefficient, which characterizes the polymer-solvent interaction and is equal to 0.393 for
the analyzed system [56,57]. The calculation results are presented in Table 2.

Table 2. The results of swelling and crosslinking degree calculations for the samples of composite
elastomers based on polydimethylsiloxane and titanium dioxide, cured in, and in the absence of,
an electric field.

Sample Name β, % ωc, % ν, mol/g

ERE-0 170 3.5 0.0056

ERE-5 296 10.3 0.0013

From the data obtained, it follows that a sample of composite elastomer cured in the absence
of an external electric field has a lower content of unbound components, a lower degree of swelling,
and a higher degree of crosslinking of polymer molecules. In turn, vulcanization of the composite
polymer in an electric field results in a material with a relatively low degree of crosslinking and
contains organic components that are not connected to a common polymer network. These features
are consistent with data characterizing the electrorheological behavior of composite elastomers and
their dielectric properties.

The analysis of ERE-0 and ERE-5 samples after determining the degree of swelling (washed with
toluene and ethanol), by scanning electron microscopy (Figure 8), showed that the microstructure of
the former sample was characterized by the presence of TiO2 particles immobilized in a continuous
polymer matrix. Conversely, the surface of the ERE-5 sample after washing acquired a loose structure,
indicating a partial destruction of the polymer matrix.

Based on the combined results obtained, one can conclude that the ERE-0 sample was an
elastomeric composite with filler particles uniformly distributed in a polymer matrix, characterized by
a high degree of crosslinking. In addition to the crosslinked polymer, the polymer matrix of the ERE-5
composite included about 10% of the organic component that was not bound with the polymer matrix.

Apparently, during the curing of the elastomer in an external electric field, a partial segregation of
the hardener, which has a higher dielectric constant compared to oligomers of polydimethylsiloxane,
occurred. This resulted in its localization near the polarized particles of titanium dioxide, so the curing
of the elastomer occurred non-uniformly and a fraction of the organic molecules was not bound into a
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polymer matrix. This effect can be used to obtain elastomeric composites with a controlled elasticity
and creates the background for the design of highly effective electrorheological elastomers.

β  ω ν

 

(a) (b) 

Figure 8. Scanning electron microscopy data for composite elastomers (a) ERE-0 and (b) ERE-5 after
analysis of the degree of crosslinking of the polymer matrix (after washing in toluene and ethanol).

4. Conclusions

The viscoelastic and dielectric properties of silicone elastomers filled with isotropic particles
of hydrated titanium dioxide with 100–200 nm size and cured in, and in the absence of, an electric
field were compared. An analysis of the dependences of the storage modulus and the loss modulus
of filled elastomers made it possible to reveal the effect of the electric field on the Payne effect
in electrorheological elastomers. An elastomer vulcanized in an electric field showed high values
of electrorheological sensitivity, which reached 250% for the storage modulus and 1100% for the
loss modulus.

It was found that it is necessary to bring the elastomer to a pre-stressed state by applying
an external tangential load in order to achieve high electrorheological sensitivity of the composite
elastomeric system.

It has been shown, for the first time, that the vulcanization of filled elastomers in an electric field
can lead to a significant decrease in the degree of crosslinking in the elastomer. This effect should be
taken into account in the design of electroactive elastomeric materials.
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Abstract: A micromechanical concept of filler-induced stress-softening and hysteresis is established
that describes the complex quasi-static deformation behavior of filler reinforced rubbers upon
repeated stretching with increasing amplitude. It is based on a non-affine tube model of rubber
elasticity and a distinct deformation and fracture mechanics of filler clusters in the stress field of
the rubber matrix. For the description of the clusters we refer to a three-dimensional generalization
of the Kantor–Webman model of flexible chain aggregates with distinct bending–twisting and
tension deformation of bonds. The bending–twisting deformation dominates the elasticity of filler
clusters in elastomers while the tension deformation is assumed to be mainly responsible for fracture.
The cluster mechanics is described in detail in the theoretical section, whereby two different fracture
criteria of filler–filler bonds are considered, denoted “monodisperse” and “hierarchical” bond fracture
mechanism. Both concepts are compared in the experimental section, where stress–strain cycles
of a series of ethylene–propylene–diene rubber (EPDM) composites with various thermo-oxidative
aging histories are evaluated. It is found that the “hierarchical” bond fracture mechanism delivers
better fits and more stable fitting parameters, though the evolution of fitting parameters with aging
time is similar for both models. From the adaptations it is concluded that the crosslinking density
remains almost constant, indicating that the sulfur bridges in EPDM networks are mono-sulfidic,
and hence, quite stable—even at 130 ◦C aging temperature. The hardening of the composites with
increasing aging time is mainly attributed to the relaxation of filler–filler bonds, which results in an
increased stiffness and strength of the bonds. Finally, a frame-independent simplified version of
the stress-softening model is proposed that allows for an easy implementation into numerical codes
for fast FEM simulations

Keywords: filled elastomers; stress softening; filler-induced hysteresis; cluster mechanics; FEM simulation

1. Introduction

Nanoscopic fillers like carbon black or silica play an important role in the mechanical reinforcement
of elastomers [1,2]. They make the elastomer stiffer and tougher, leading to a pronounced reduction of
crack propagation rates and wear, which is accompanied by an increased life time of rubber goods [3].
But the incorporation of fillers results in a nonlinear dynamic-mechanical response, which is reflected
e.g., by the amplitude-dependence of the dynamic moduli. This so called Payne effect was investigated
by several authors like Payne [4] and Medalia [5]. A related phenomenon is the stress softening
effect under quasi-static cyclic deformation, which is also called Mullins effect due to the intensive
studies by Mullins [6]. Accordingly, a drop in stress appears if the loading goes beyond the previous
maximum. Most of the stress drop at a certain strain occurs in the first cycle, and in the following
cycles the specimen approaches a steady state stress–strain curve. A second characteristic effect caused
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by fillers is the pronounced hysteresis which is related to the dissipation of mechanical energy during
every cycle.

Based on the investigations of filler network morphology by different experimental techniques,
a model of rubber reinforcement by flexible filler clusters has been proposed that allows for a quantitative
understanding of the complex mechanical response under quasi-static and dynamic deformations [7–10].
This model of rubber reinforcement refers to the kinetics of cluster–cluster aggregation (CCA) of filler
networking in elastomers, which represents a reasonable theoretical basis for analyzing the linear
viscoelastic properties of reinforced rubbers. According to this approach, filler networks consist of
a space-filling configuration of fractal CCA-clusters with characteristic mass fractal dimension df ≈ 1.8.
The mechanical response of such filler networks at small strain depends purely on the fractal connectivity
of the CCA-clusters. It can be evaluated by referring to the Kantor–Webman model [11] of flexible
chains of filler particles that allows for a micromechanical description of the elastic properties of tender
CCA-clusters in elastomers. The main contribution of the elastically stored energy in the strained filler
clusters results from the bending–twisting deformation of filler–filler bonds, considered by an elastic
constant G. Based on this approach a power law behavior of the small strain modulus vs. filler
concentration can be derived. The predicted exponent 3.5 is in good agreement with experimental
data of Payne [4] for carbon black filled butyl rubber. This power law behavior has been confirmed by
further investigations of carbon black and silica filled rubbers as well as composites with polymeric
model fillers (microgels) [7–10].

Based on this approach, a micromechanical material model of filler reinforced elastomers has
been put forward, denoted dynamic flocculation model (DFM) [7,12–16]. Similar models have been
proposed by other authors [17–19]. The DFM describes the complex quasi-static stress–strain response
of filler reinforced elastomers up to large strains in fair agreement with experimental data. It is based
on a non-affine tube model of rubber elasticity and considers hydrodynamic amplification of the rubber
matrix by a fraction of hard rigid filler clusters with filler–filler bonds in the unbroken, virgin state.
The filler-induced hysteresis is described by the cyclic breakdown and re-aggregation of the residual
fraction of more soft filler clusters with already broken, but reformed filler–filler bonds. The difference
between hard and soft filler–filler bonds arises due to the softening of glassy-like polymer bridges
between adjacent filler particles [7,20–22]. If they break under stress the recovery to a virgin bond
will take time and/or high temperatures, as applied during vulcanization [23]. A finite element
implementation of the DFM was established [24] by referring to the concept of representative directions
introduced by Ihlemann [25]. Thereby also temperature and time dependent effects have been
considered [26].

It is the aim of this study to consider the underlying fracture mechanics of filler clusters entering
the DFM more closely, whereby we will investigate two different fracture criteria for filler–filler
bonds. The differences between both approaches will be evaluated by comparing fitting results
obtained for stress–strain cycles of ethylene–propylene–diene monomer rubber (EPDM) composites
with various thermo-oxidative aging histories, which will be analyzed by the variation of fitting
parameters. This is in close relation to recent investigations of the structure–property relationships
of silica/silane formulations in different rubber composites [27] delivering microscopic information
about the material properties of the systems. Finally, we will introduce a frame-invariant version of
the stress-softening part of the DFM that allows for an easy implementation into a finite element code
for fast finite element (FEM) applications of the isotropic discontinuous damage effects in engineering
rubber science.
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2. Modeling Approach

2.1. Basic Assumptions of the Dynamic Flocculation Model

The (microscopic) free energy density of the dynamic flocculation model (DFM) consists of two
contributions, which are weighted by the effective filler volume fraction Φeff:

W
(
εμ
)
= (1−Φeff)WR

(
εμ
)
+ Φeff WA

(
εμ
)

(1)

The first addend is the equilibrium energy density stored in the extensively strained rubber matrix,
which includes hydrodynamic amplification by a fraction of rigid filler clusters. The second addend
considers the energy stored in the strained soft filler clusters and is responsible for the filler-induced
hysteresis. The symbol εμ is defined in this work as the macroscopic strain in direction μ. The rubber
elastic part is modeled by the free energy density of the extended non-affine tube model [12,28]:
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with ne being the number of statistical chain segments between neighboring entanglements and Te

is the trapping factor (0 < Te < 1) characterizing the fraction of elastically active entanglements.
We define λμ to be the microscopic strain ratio (or stretch) on the nanoscale in direction μ. Thus, for
unfilled rubbers the usual relation λμ = 1 + εμ holds. The first addend in Equation (2) considers
the constraints due to interchain junctions, with an elastic modulus Gc proportional to the density of
network junctions. The second addend considers topological constraints in densely packed polymer
networks, whereby Ge is proportional to the entanglement density of the rubber. The parenthetical
expression in the first addend considers the finite chain extensibility of polymer networks by referring
to an approach of Edwards and Vilgis [29]. For the limiting case ne/Te =

∑
λ2
μ − 3 a singularity is

obtained for the free energy density WR, indicating the maximum extensibility of the network. This is
reached when the chains between successive trapped entanglements are fully stretched out. In the limit
ne →∞ the original Gaussian formulation of the non-affine tube model, derived by Heinrich et al. [30]
for infinite long chains, is recovered.

The presence of tightly bonded (virgin bonds) rigid filler clusters gives rise to hydrodynamic
reinforcement of the rubber matrix. This is specified by the strain amplification factor X as proposed by
Mullins and Tobin [6], which relates the external, macroscopic strain εμ of the sample to the internal,
microscopic strain ratio λμ of the rubber matrix, λμ = 1 + X

(
εμ,max

)
εμ. For strain amplified rubbers

this strain has to be used in the free energy density Equation (2). The microscopic stress of the rubber
matrix is then obtained by differentiation with respect to the internal strain λμ:
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This is the microscopic stress between the filler clusters that can be identified with
the macroscopically measured engineering stress (1. PK stress) in equilibrium. For uniaxial
deformations (λ2 = λ3 = λ−1/2

1 and ∂λ2 = ∂λ3 = −1/2 λ−3/2
1 ∂λ1) we obtain for the engineering stress

in stretching direction:
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In the case of a preconditioned sample and for strains smaller than the previous straining
(εμ < εμ,max), the materials microscopic structure is already adjusted to the maximum load and
the strain amplification factor X is independent of strain. In that case it is determined by εμ,max

(X = X(εμ,max)). We relate this to the irreversible fracture of filler clusters (see below). A relation
for the strain amplification factor of overlapping fractal clusters of size ξwas derived by Huber and
Vilgis [31]. By using path integral methods they found X = 1 + cΦ2/(3−df)ξdw−df where Φ is the filler
volume fraction and c is a constant of order one. With this, X(εμ,max) can be evaluated by averaging
over the size distribution of hard clusters in all space directions. In the case of preconditioned samples
this yields:
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Here, d is the particle size, ξμ is the cluster size in spatial direction μ and ξμ,min is the minimum
cluster size which will be calculated later on. The fractal exponents are determined as df ≈ 1.8 for
the mass fractal dimension and dw = 3.1 for the anomalous diffusion exponent of CCA-clusters [2].
Note that the effective filler volume fraction Φeff > Φ is used in Equations (1) and (5), which considers
the effective volume of the rigid phase of structured filler particles, e.g., carbon black or silica, according
to the “occluded rubber concept” of Medalia [32]. Occluded rubber is defined as the rubber part
of the rubber matrix that penetrates into the voids of the particles, which partially shields it from
deformation. The second addend of Equation (5) takes into account that also fully broken clusters
contribute to the strain amplification factor by the remaining particles. ϕ(ξμ) is the normalized cluster
size distribution:

ϕ(ξμ) = 4d
ξμ

〈ξμ〉2 exp
(
−2
ξμ

〈ξμ〉
)

(6)

This is a peaked cluster size distribution with 〈ξμ〉 being the ensemble average in spatial direction
μ. It is motivated by analytical results referring to Smoluchowski’s equation for the kinetics of
cluster–cluster aggregation of colloids [33–35] (comp. also [7]). In the undeformed state it is assumed
to be isotropic, i.e., ϕ(ξ1) = ϕ(ξ2) = ϕ(ξ3) ≡ ϕ(ξ).

The model of stress softening and hysteresis assumes that the breakdown of filler clusters during
the first deformation of the virgin samples is reversible, though the initial virgin state of filler–filler
bonds is not recovered. This implies that, on the one side, the fraction of hard (virgin) filler clusters
decreases with increasing pre-strain, leading to pronounced stress softening after the first deformation
cycle. On the other side, the fraction of soft (reaggregated) filler clusters increases with rising pre-strain,
which affects the filler-induced hysteresis. A schematic view of the decomposition of filler clusters
in hard and soft units for preconditioned samples is shown in Figure 1.

 
(a) (b) 

Figure 1. (a) Schematic view of the decomposition of filler clusters in hard and soft units for
preconditioned samples and (b) cluster size distribution with the pre-strain dependent boundary size
xmin between hard and soft clusters.

90



Polymers 2020 , 12 , 1350

The second addend of Equation (1) describes the filler-induced hysteresis. It considers the energy
stored in the substantially strained soft filler clusters, which break under stress and reaggregate
on retraction
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μ

1
2d

∫ ξμ(εμ)

ξμ,min
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ε2

A,μ

(
ξ′μ, εμ

)
ϕ
(
ξ′μ
)

dξ′μ (7)

GA is the elastic modulus and εA,μ is the strain of the fragile filler clusters in spatial direction
μ. These quantities and their dependence on cluster size xμ and external strain εμ will be specified
in the next sections. In addition. The integral boundaries of Equations (5) and (7) have to be
described more closely, which requires the consideration of elasticity and fracture of filler clusters
in stretched elastomers.

2.2. Elasticity and Fracture of Filler Clusters in Stretched Elastomers

For consideration of filler network breakdown in stretched rubbers, the elasticity and failure
properties of tender filler clusters have to be evaluated in dependence of cluster size. This will be
obtained by referring to the two-dimensional Kantor–Webman model of flexible chains of arbitrary
connected filler particles [11] as represented in Figure 2a. We apply here a simplified generalization of
this model to three dimensions, where on-plane bending, and off-plain twisting deformations of bonds
are considered by a single bending–twisting term [20]. By identifying the three-dimensional flexible
chain with the backbone of a CCA-cluster, the model can be applied for modeling the small-strain
modulus of fractal filler networks, consisting of a space-filling configuration of CCA-clusters [7–10].
Here, we use it for a micromechanical description of CCA-clusters that are deformed in the stress
field of a strained rubber matrix. Note that this is possible because the CCA-cluster backbone is not
branched on large length scales, which is a typical result of cluster–cluster aggregation.

(a) (b) 

Figure 2. Schematic view of the Kantor–Webman model of flexible chains of arbitrary connected filler
particles (a) and mechanical equivalence between a filler cluster and a series of soft and stiffmolecular
springs (b). The two springs with force constants ks and kh are related to bending–twisting- and tension
deformations of filler–filler bonds referring to elastic constants G and Q, respectively.

In our model two kinds of deformations of filler–filler bonds are considered, bending–twisting- and
tension deformations. This corresponds to a mechanical equivalence between a filler cluster and a series
of two molecular springs depicted schematically in Figure 2b. We will see that the bending–twisting
deformation governs the elasticity while the tension deformation is sensitive for fracture. The total
force constant of a cluster of size ξ0 with NB particles in the backbone reads:

kξ =
(

1
kh

+
1
ks

)−1

(8)
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with the tension part given by:
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The bending–twisting part reads:
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Here, d is the bond length (particle size),
→
F is the force and g ≡ ∮ (→FF · →bd
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the average squared radius of gyration in direction perpendicular to the force and includes a unit vector
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z pointing perpendicular to the connecting vector
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)
. It scales with the squared cluster size,

S2⊥ = g′ξ2
0, with a scaling factor 0 < g′ < 1. G and Q are elastic constants due to bending–twisting—and

tension deformations, respectively. For the particle number the scaling relation NB = (ξ0/d)df,B was
used with df,B = 1.3 being the backbone fractal dimension of CCA-clusters.

By comparing the exponents of Equations (9) and (10) one finds that the force constant ks decreases
much more rapidly with cluster size ξ0 than the force constants kh. Accordingly, Equation (8) implies
kξ ≈ ks for sufficient large clusters, i.e., the stiffness of the cluster is determined by the bending–twisting
deformations of bonds. This determines the following scaling law for the elastic modulus entering
Equation (7):
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d
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This approximation without the tension term can be applied for sufficient large clusters with
(ξ0/d)2+df,B � (ξ0/d)df,B . For the evaluation of the scaling factor g′ in Equation (11) we have to
consider the ensemble average of clusters. However, this will not be considered here, because we are
mainly interested in the scaling exponents.

The stretching of the clusters can be evaluated in the same approximation [7]:

Δlξ = Δls + Δlh = Δlb
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d
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(12)

Here, we have introduced the stretching Δlb and force constant kb ≡ Q/d2 related to stretching of
the single bonds. In addition. we used the equilibrium conditions for the force Δls/Δlb = kb/ks(ξ0)

and Δlh/Δlb = kb/kh(ξ0) = gNB. In the next section we will use Equation (12) for describing
the fracture of filler clusters by relating it to the fracture of bonds under tension.

Examples:
The cluster mechanics described by Equations (8)–(10) shall be illustrated by two simple examples

which are depicted in Figure 3. In Figure 3a a linear chain is considered with the force
→
F pointing

perpendicular or alternatively in direction of the chain. In the first case we have g = 0 and
→
F ×→z

points into the direction of the chain. This implies for the force constant and the deformation:

kξ = ks = 12
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→
l s =

→
F
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12dG
(NBd)3 (13)
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(a) (b) 

Figure 3. Illustration of the cluster mechanics by simple examples: (a) Linear chain and (b) one
dimensional random walk.

With g′ = 1/12 being the ratio between the squared radius of gyration and the squared length
L2 = (NBd)2 of a linear chain. Accordingly, the force constants ks drops with the 3rd power of
the length.

In the second case, where
→
F points parallel to the chain, we have g = 1 and

→
F × →z points

perpendicular to the chain. This implies S⊥ = 0 yielding:
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Q
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As expected, the deformation increases linear with the number of bonds.
In Figure 3b we consider the case where a random walk structure of the chain is realized,

corresponding to three 1-dimensional random walks with NB/3 particles. The average projection g is

then given by g =
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of gyration 〈R2
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Chapter 2 in [36]). This implies for the force constant:
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For the deformation under tension of the 1-dimensional random walk shown in Figure 3b
one obtains:
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For the more general case that the force points in arbitrary direction also the bending–twisting
deformations of bonds must be taken into account by referring to the full force constant kξ of
Equation (15).

2.3. Evaluation of Boundary Cluster Size and Cluster Stress

In view of introducing a fracture criterion for strained clusters, we assume that the tension of
bonds is a much more critical deformation compared to bending and twisting, since it separates
the filler particles from each other. Equation (12) relates the total stretching of a cluster to the stretching
of the bonds and can therefore be used for evaluation of the failure strain of the cluster by defining
a fracture criterion for the bonds. We will introduce here two different fracture criteria, which will be
denoted “monodisperse” and “hierarchical”.

In the first approach all bonds are considered to be equal (monodisperse) having the same strength.
Then, the failure strain εf,bof the bonds is given by the critical stretch of the bonds Δlf,b in relation to
the bond length: εm

f,b ≡ Δlf,b/d. This implies for the failure strain of the cluster:

εf,ξ ≡
Δlf,ξ
ξ0
≈ εm

f,b
g′Q
G

(
ξ0

d

)1+df,B

(17a)
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In contrast, the hierarchical model takes into account that a hierarchy of bond strengths develops
during cluster–cluster aggregation, because the mobility of the clusters decreases with cluster size.
Accordingly, the first bond formed between two particles is the strongest while successive bonds formed
between the growing sub-clusters become weaker and weaker. The last bond formed in the cluster is
the weakest and will break first under tension. This effect is taken into account by the hierarchical
fracture criterion, where the failure strain εf,b of the bonds is defined in relation to the cluster size,
which is the only relevant length scale in our model: εh

f,b ≡ Δlf,b/ξ0. This implies that the failure strain
of the cluster increases more rapidly with cluster size compared to the monodisperse case:
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≈ εh

f,b
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d

)2+df,B

(17b)

For the evaluation of the boundary cluster size between broken and unbroken clusters in stretched
rubbers, we assume that a stress equilibrium is realized between the strain amplified rubber matrix
and the clusters σR,μ

(
εμ
)
= GAεA,μ(εμ). With the scaling relation Equation (11) for the elastic modulus

of the clusters this delivers for the cluster strain:
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Here we have replaced the rubber stress by a relative stress with respect to the minimum strain:
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− σR,μ

(
εμ,min

))
(19)

This ensures that the stretching of clusters in spatial direction μ starts at the minimum strain εμ,min

for each cycle. Here, we assume that clusters reaggregate into a stress-free state at minimum strain.
A comparison of the exponents in Equations (18) and (17) makes clear that the strain of the clusters

under external strain increases faster with cluster size than the failure strain, in both cases. This implies
that large clusters break first followed by smaller ones, i.e., the boundary cluster size between broken
and unbroken clusters ξμ

(
εμ
)

moves from larger to smaller values with increasing strain. It is obtained
by equating the cluster strain to the failure strain. This yields for the two fracture criteria:
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Here, sd is defines as the fracture stress under tension of bonds, i.e., the tensile strength of damaged
filler–filler bonds. The boundary cluster size ξμ

(
εμ
)

applies for the integral boundaries of Equation (7),
describing the filler-induced hysteresis due to the successive breakdown of soft filler clusters with
damaged filler–filler bonds.

Similar expressions are found for the upper boundary of Equation (5), but now the tensile strength
sv of virgin filler–filler bonds is entering:
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The elastic constant and failure strains are denoted by Q̃ and ε̃f,b, respectively. Note that the tensile
strength of virgin filler–filler bonds must be larger than the tensile strength of damaged bonds, i.e.,
sv > sd. Equation (21a) or (21b) together with Equation (5) define the amplification of the rubber matrix,
and thus stress—softening effects of the model. Solving this set of equations for σ requires iterative
methods, e.g., Newton iteration.

By referring to the stress equilibrium between the strain amplified rubber matrix and the clusters,
σ̂R,μ

(
εμ
)
= GAεA,μ

(
εμ
)
, the cluster stress σA,μ responsible for filler-induced hysteresis is obtained by

differentiation of Equation (7) with respect to cluster strain:
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The exponent α takes the two fracture criteria into account, i.e., α = 1/2 for the “monodisperse”
model and α = 1 for the “hierarchical” model. In addition. we assume that the clusters, on average,
deform like the sample:

〈∂εA,μ

∂εA,ν
〉 = ∂εμ
∂εν

(23)

The sum in Equation (22) runs over stretching directions, only, implying that the up- and down
cycles are different. The cluster stress of the upcycle is positive while the downcycle gives a negative
contribution, producing the filler-induced hysteresis.

For uniaxial deformations, realized on microscales λ2 = λ3 = λ−1/2
1 ; ∂λ2 = ∂λ3 = −1/2 λ−3/2

1 ∂λ1)

and macroscales 1 + ε2 = 1 + ε3 = (1 + ε1)
−1/2; ∂ε2 = ∂ε3 = −1/2 (1 + ε1)

−3/2∂ε1, the cluster stress
in stretching direction for the upcycle (∂ε1/∂t > 0) is obtained as:
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)
α

d(
sd

σ̂R,1(ε1,max)
)
α
ϕ(ξ1) dξ1 (24)

For the down cycle, the lateral directions contribute to the cluster stress (∂ε2/∂t > 0; ∂ε3/∂t > 0):

σdown
A,1 = 2σ̂R,2(ε1)

(
−1

2
(1 + ε1)

− 3
2

)1
d

∫ d(
sd

σ̂R,2(ε1)
)
α

d(
sd

σ̂R,2(ε1,max)
)
α
ϕ(ξ2) dξ2 (25)

With ϕ(ξ1) = ϕ(ξ2) = ϕ(ξ3) ≡ ϕ(ξ). This gives a negative stress contribution, which must be
subtracted from the rubber stress. It can also be expressed by the rubber stress σR,1 in stretching
direction. By assuming that the same energy is needed for stretching in 1-direction and compressing
in 2- and 3-direction to obtain a final deformed state, the following relation is derived:

σ̂R,2(ε2) ≡ σR,2(ε2) − σR,2(ε2,min) = −λ3/2
1 σR,1(ε1) − λ3/2

1,maxσR,1(ε1,max) (26)

Finally, for the evaluation of the (measured) total stress we have to consider an additional set stress
σset that appears as a remaining stress in the undeformed state after stretching and retraction. Note
that this is also found for unfilled rubbers and depends on temperature and stretching rate. It probably
results from long time relaxation effects of the polymer network. We introduce it in a purely empirical
manner for the case of uniaxial deformations:

σset,1 = sset,0
(√
ε1,max − √ε1,min

)
(27)
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Then for uniaxial deformations the total stress reads:

σtot,1(ε1) = σR,1(ε1) + σ
up/down
A,1 (ε1) + σset,1(ε1,max, ε1,min) (28)

The stress of the rubber matrix σR,1 is given by Equation (4) with λμ = 1 + X
(
εμ,max

)
εμ and strain

amplification factor X
(
εμ,max

)
specified by Equation (5). The cluster stress σA,1 depends on the direction

of straining and is determined by Equations (24) and (25) for up and down, respectively. The theory
presented here describes the complex quasi-static deformation behavior of filler reinforced elastomers
for repeated stretching with increasing amplitude. A more general formulation of the DFM that applies
for arbitrary deformation histories requires an additional term for the free energy density of soft filler
clusters Equation (7), which considers the relaxation of cluster stress upon retraction [15,16]. For a test
of the theory the present formulation for repeated stretching with increasing amplitude is sufficient
because all open parameters are entering already and the extension to arbitrary deformation histories
requires no additional fitting parameters.

2.4. Frame-Independent Formulation of Stress-Softening for Fast FEM Simulations

The implementation of the DFM into a FEM algorithm faces several problems. First, the DFM is
a microscopic theory, where stresses are calculated by differentiation of the free energy density with
respect to the internal strain variables λμ and λA,μ, respectively. This is in discrepancy to continuum
mechanical considerations, where corresponding differentiations have to be performed with respect to
external strain variables. Second, the DFM is formulated in the main axis system and requires stress
contributions of different directions, especially for description of filler-induced hysteresis, which all sum
up to produce close cycles. This can hardly be transferred to a pure tensorial formulation. Nevertheless,
a FEM implementation of the DFM was obtained by referring to the concept of representative directions,
which considers uniaxial deformations along fibers in different spatial directions [24,25]. However,
the computational cost of this workaround is very large, and the efficiency is low. Therefore, we want
to focus here on a frame-independent tensor formulation of the stress-softening part of the DFM for
fast and efficient FEM simulations.

In a first step we put the strain amplification factor Xmax ≡ X(εμ,max) in front of the deformation
invariants, appearing in the free energy density of the extended non-affine tube model Equation (2)
and replace the internal strain λμ = 1 + X(εμ,max)εμ by the external strain λμ = 1 + εμ. This follows
the ideas of Einstein [37] and Domurath et al. [38] and is done in close correlation to the evaluations
in [22]. The free energy density reads:

WR =
Gc

2

⎧⎪⎪⎨⎪⎪⎩
XmaxI1

(
1− Te

ne

)
1− Te

ne
XmaxI1

+ ln
[
1− Te

ne
XmaxI1

]⎫⎪⎪⎬⎪⎪⎭+ 2GeXmaxI
∗

(29)

with the (frame-independent) first invariant of the left Cauchy–Green tensor:

I1 ≡ λ2
1 + λ

2
2 + λ

2
3 − 3 (30)

and the (frame-independent) generalized invariant:

I
∗ ≡ λ−1

1 + λ−1
2 + λ−3

3 − 3 (31)

Here, λμ = 1 + εμ is the external strain of the sample. A frame-independent formulation of
the strain amplification factor Xmax is obtained similar to Equation (5) by replacing the relative
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stress σ̂R,μ(εμ,max) used for the calculation of the boundary cluster size xμ, min by the Frobenius norm
‖ σR(εmax) ‖ of the engineering stress.

X(εmax) = 1 + cΦ
2

3−df
eff

1
d

⎡⎢⎢⎢⎢⎣
∫ d(sv/σR(εmax))

α

0

(
ξ
d

)dw−df

ϕ(ξ)dξ+
∫ ∞

d(sv/σR(εmax))
α
ϕ(ξ)dξ

⎤⎥⎥⎥⎥⎦ (32)

The iteration procedure for the evaluation of stresses (compare Equation (21a) or (21b) together
with Equation (5)) is then replaced by its tensorial analog:

σR,μ
(
εμ,max

)
= f

(
Xmax

(
σR,μ

(
εμ,max

)))
→ σR(εmax) = f(Xmax(σR(εmax))) (33)

The free energy density Equation (29) can be used in a standard continuum mechanical sense for
the evaluation of stresses and tangent vectors. It can be further simplified by omitting the logarithmic
term, which gives a minor contribution to the stress upturn. In addition. The generalized invariant
can be approximated by the square root of the second invariant, which avoids the calculation of
eigenvalues [39].

3. Experimental and Fitting Procedure

3.1. Materials

EPDM/A (“aging”) samples were prepared by using an amorphous-type ethylene–propylene-diene
rubber (EPDM, Keltan 4450) filled with 50-phr (parts per hundred mass parts rubber) carbon
black (N339). The rubber has a Mooney viscosity of 46 MU (at 125 ◦C) and consists of 52%
ethylene and 4.3% ethylidene norbornene. Moreover, 3 phr zinc oxide, 1 phr stearic acid
and 1.5 phr N-isopropyl-N’-phenyl-1,4-phenylenediamine (IPPD, aging protection) were added.
The curing system consists of 1.8-PHR sulfur, 1.5 phr 1,3-diphenylguanidine (DPG) and 2.4 phr
N-cyclohexyl-2-benzothiazolylsulfenamide (CBS, accelerator). EPDM/CB (“carbon black”) consists
of the same polymer, additives and curing system, but has varying amounts of carbon black (N339):
20, 40 and 60 phr.

3.2. Mixing and Sample Preparation

All ingredients except of the vulcanization system were mixed in an internal mixer of type GK
1,5E (Werner & Pfleiderer Gummitechnik GmbH, Freudenberg, Germany) at a loading of 75% and
a temperature of less than 140 ◦C. The vulcanization system was added in a second step on a 150*350RR
roller mill (KraussMaffei Berstorff GmbH, Hannover, Germany).

All samples were cured in a heated press of type WLP 63/3,5/3 (Wickert Maschinenbau GmbH,
Landau, Germany) at 160 ◦C up to the t90% time, where 90% of the torque obtained from a vulcameter
measurement is reached (17:23 min). One minute curing time was added per millimeter sample
thickness to account for heat diffusion.

From EPDM/A dumbbell test specimen were prepared. These were stored under thermo-oxidative
aging conditions at 130 ◦C in an air-ventilated oven for 0, 1, 3, 7 and 14 days.

3.3. Test Methods and Fitting

Quasi-static multi-hysteresis experiments (multiple deformation cycles up to different strain
levels) were performed in a Zwick 1445 (Zwick Roell, Ulm, Germany) universal testing machine using
a crosshead speed of 20 mm/min. Every strain level was repeated five times. From EPDM/CB tensile
test specimen of S2 type were prepared to achieve strains, which are not accessible using dumbbell
samples. Multi-hysteresis experiments at 100 mm/min crosshead speed were performed in the same
stretching machine. In both cases, the 5th cycles were separated for fittings with the DFM, which can
be considered as equilibrium cycles.
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The adaptation of stress-strain cycles to Equation (28) was performed by minimization of the error

functional χ2 =
∑

cycles
∑

n

(
ymod,n − yexp, n

)2
, where ymod, n and yexp, n represent the nth model and

experimentally obtained 1. Piola–Kirchhoff (“engineering”) stress data point. The set stress parameter
sset,0 was included in the fitting procedure as defined by referring to Equation (27). The remaining two
stress contributions of Equation (28), which involve seven fitting parameters, were obtained iteratively
by using Equations (4)–(6) for the intrinsic stress of the rubber matrix σR,1 and Equations (24) and (25)
for the evaluation of cluster stress σA,1. Note that both stress contributions involve the same cluster
size distribution, which stabilizes the fitting procedure, significantly. The front factor of Equation (5)
was fixed as c = 2.5 according to the Einstein equation [37] and the exponent was approximated as
dw − df ≈ 1 to allow for an analytical solution of the integral. The three fitting parameters describing
the rubber elastic network are the crosslink modulus Gc, the topological constraint modulus Ge and
the effective chain length for finite extensibility neff ≡ ne/Te. The filler clusters are described by four
fitting parameters, i.e., the effective filler volume fraction Φeff, the average cluster size x0 ≡ 〈xμ〉/d,
the tensile strength of virgin filler–filler bonds sv and the tensile strength of damaged filler–filler
bonds sd.

4. Results and Discussion

4.1. Micromechanical Investigations of Thermo-Oxidative Aging

The thermo-oxidative aging of elastomers is of high technological interest for the rubber industry,
because it mostly increases the hardness of the samples and has a negative effect on the fracture
toughness or crack resistance. This limits the life time of rubber goods, significantly. The reason for
this property losses are mainly seen in a change of the rubber–elastic network due to post-curing,
but the often-accompanied increase in electrical conductivity indicates that also the carbon black
network is altering during thermo-oxidative aging of elastomers. This is hardly to distinguish by
standard measurement techniques since changes of the polymer- or filler network structure are difficult
to detect. We therefore refer here to the evaluation of micromechanical material parameters, which are
obtained by fitting the stress–strain response of the aged samples to the DFM.

Figure 4 shows a series of fittings of multi-hysteresis stress–strain cycles of EPDM/A samples
stored under thermo-oxidative aging conditions at 130 ◦C for 0, 1, 3, 7 and 14 days. In Figure 4a,
the “monodisperse” bond fracture model (α = 1/2) is used while Figure 4b refers to the “hierarchical”
bond fracture model (α = 1). Before we discuss the effect of thermomechanical aging on material
parameters, we will first consider the quality of the fits for the two different bond fracture criteria.
The “monodisperse” model depicted in Figure 4a delivers fair agreement between fits and experimental
data with correlation coefficients between R2 = 0.994 and 0.995, but systematic deviations are seen, e.g.,
for the peak stresses in the medium strain regime. For the “hierarchical” model shown in Figure 4b,
the fits are significantly better with correlation coefficients between R2 = 0.995 and R2 = 0.998.
This indicates that the “hierarchical” model is more suited for describing the stress–strain cycles of
filler reinforced elastomers. Even in the case of aged samples we get excellent adaptations in the small
and medium strain regime up to 100% strain. Therefore, we will mainly focus on the “hierarchical”
model with bond fracture exponent α = 1 for the discussion of thermo-oxidative aging effects on
a microscopic level. Nevertheless, we will see that the “monodisperse” model delivers similar values
and trends of the fitting parameters.
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(a) 

(b) 

Figure 4. Fit of stress–strain cycles of ethylene–propylene-diene rubber EPDM/A samples for various
aging times (a) with the “monodisperse” bond fracture model (α = 1/2) and (b) with the “hierarchical”
bond fracture model (α = 1).
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The stress–strain data in Figure 4 show that the average stress level increases with increasing aging
time. The reason for this hardening of the samples shall be analyzed by referring to the evolution of
fitting parameters that are depicted in Figure 5. The fitting parameters obtained with the “monodisperse”
bond fracture model (α = 1/2) are shown in Figure 5a and those from the “hierarchical” bond fracture
model (α = 1) in Figure 5b. Obviously, the “hierarchical” bond fracture model in Figure 5b delivers
a smoother evolution of fitting parameters, which correlates with the higher correlation coefficients of
the fits in Figure 4b. This confirms our view that the “hierarchical” bond fracture model is more suited
for the discussion of aging effects. Looking first at the crosslink and topological constraint moduli
of the polymer network, Gc and Ge, we see that the former remains almost constant while the later
increases successively with aging time. This indicates that the post-curing effect is not pronounced
for the EPDM samples used in this study, but the topological constraints of the chains increase with
aging time possibly due to an increasing number of entanglements close to the carbon black particles
(surface-induced entanglements). This correlates with the observed decrease of the effective chain
length, neff ≡ ne/Te, since the segment number ne between successive entanglements decreases with
aging time if Ge increases (Ge ∼ 1/ne). However, it must be noted that it is difficult to distinguish
between the two parameters Gc and Ge in the frame of the DFM, since both act in a similar way.

(a) 

(b) 

Figure 5. Evolution of fitting parameters obtained with (a) the “monodisperse” bond fracture model
(α = 1/2) and (b) the “hierarchical” bond fracture model (α = 1) of the EPDM/A samples from Figure 4
for various aging times.
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neff ≡ ne/Te. The filler clusters are described by four fitting parameters, i.e., the effective filler
volume fraction Φeff, the average cluster size x0 ≡ 〈xμ〉/d, the tensile strength of virgin filler–filler
bonds sv and the tensile strength of damaged filler–filler bonds sd.

An additional significant effect of thermo-oxidative aging is observed for the strength of virgin
and damaged filler–filler bonds, sv and sd, which both increase systematically with aging time. This is
clearly seen in the case of the “hierarchical” bond fracture model (α = 1). It indicates that a relaxation
of bonds takes place during heating of the samples at 130 ◦C, leading to more stable filler–filler joints.
Note that this is related to confined polymer between the filler particles, which is assumed to be
in a glassy-like state at room temperature [7] but can relax at elevated temperature. This relaxation
process has been investigated recently by online dielectric spectroscopy during heat treatment of
carbon black filled EPDM [40]. The increase of sv and sd with aging time observed in Figure 5b
results in stronger stress-softening and hysteresis effects of the aged samples. Two further parameters
describing the aging of the filler network are the effective filler volume fraction Φeff and the mean
cluster size x0. The former decreases slightly with aging time, but remains larger than the real filler
volume fraction, as expected (Φeff > Φ ≈ 0.2). This indicates a slight decrease of the occluded rubber
during aging, which is hidden in the voids of the filler particles and acts like additional filler. The mean
cluster size lies in a reasonable range of about 10 to 15 particle diameters and goes through a weak
maximum with increasing aging time. This can be related to flocculation effects and restructuring of
the filler network

4.2. Frame-Independent Model of Stress Softening

For the discussion of the frame-independent model of stress softening we will focus
on the “hierarchical” bond fracture model with α = 1, only. For the analysis of the stress-softening
effect, described here, we refer to the EPDM/CB samples with varying amount of carbon black. Note
that the hysteresis is not included in this model.

Figure 6a,b shows fits of stress–strain cycles of the EPDM/CB samples with the frame-independent
model (α = 1) up to 100% and 200%, respectively. In both cases the stress-softening effect is reproduced
fairly well, though for the 200% fit systematic deviations are seen for the sample with 60-PHR N339
in the small strain regime. The effect of filler concentration on the fitting parameters is depicted for
both cases in Figure 7a,b, respectively. All values of the parameters are found in a reasonable range.
However, they strongly depend on the range of the fitted stress–strain data up to 100% and 200%,
respectively. This indicates that the DFM cannot simply be extended to strains up to 200% because
additional mechanisms of stress softening may appear at larger strains, e.g., detachment of the polymer
from the filler surface. Nevertheless, the quite reasonable fits in Figure 6b show that the simplified
DFM can be used as an empirical model also for larger strains up to rupture of the samples. Due to
the simplifications of the frame independent model compared to the original DFM it makes no sense to
discuss the dependence of fitting parameters on filler concentration in detail. The more interesting
point is the high stability of the fitting procedure with parameters that all are positive and can easily be
reproduced. Most important is the ability to implement the simplified model into a finite element code
for fast FEM simulations by using standard methods. This is of major interest for the rubber industry
and will be a task of future work.
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(a) 

(b) 

Figure 6. Fit of stress–strain cycles of EPDM/CB samples filled with various amounts of carbon black
(N339) with the frame-independent model of stress softening (α = 1) data up to 100% strain and (b) up
to 200% strain.

(a) 

(b) 

Figure 7. Fitting parameters obtained with the frame independent model of stress softening of
the EPDM/2.4-PHR N-cyclohexyl-2-benzothiazolylsulfenamide (CBS) samples as shown in Figure 6,
using (a) data up to 100% strain and (b) up to 200% strain.
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5. Conclusions

A micromechanical model of stress-softening and hysteresis of filler reinforced elastomers
was presented, which is based on a non-affine tube model of rubber elasticity and a generalized
three-dimensional Kantor–Webman model of flexible chain aggregates, describing the deformation
and fracture of filler clusters in the stress field of the rubber matrix. This dynamic flocculation model
(DFM) has been shown to reproduce the complex quasi-static deformation behavior of filler reinforced
elastomers upon repeated stretching with increasing amplitude fairly well. It is described in some detail
in the theoretical section, whereby two different fracture mechanisms of filler–filler bonds, denoted
“monodisperse” and “hierarchical” bond fracture mechanism, are considered. In the first approach all
bonds are considered to be equal (monodisperse) having the same strength. In the second approach
a hierarchy of bond strengths is realized, because during cluster–cluster aggregation the mobility of
the clusters decreases with cluster size.

In the experimental section the DFM is adapted to a series of aged EPDM samples which were
treated in an oven at 130 ◦C for different thermo-oxidative aging times. The fitting parameters
indicate that the crosslinking density remains almost constant while the entanglement density increases
slightly. This indicates that the sulfur bridges in EPDM networks are quite stable even at 130 ◦C
aging temperature, which can be related to the mono-sulfidic nature of the crosslinks. The observed
hardening of the composites with increasing aging time is mainly attributed to the relaxation of
filler–filler bonds. This results in an increased strength of the bonds, which produces a larger stiffness
and filler-induced hysteresis of the composites.

The two different bond fracture mechanisms are investigated by separate adaptations to the full
series of aged EPDM composites. They show that the “hierarchical” bond fracture mechanism delivers
better fits and more stable fitting parameters, though the evolution of fitting parameters with aging time
is similar for both models. Therefore, it is concluded that the “hierarchical” bond fracture mechanism,
which takes into account that the mobility of clusters decreases with cluster size, appears to be realized
in filler reinforced elastomers.

In the last section a frame-independent simplified version of the DFM is proposed that focuses on
an easy implementation of the stress-softening effect of filled rubbers into a finite element codes by
using standard methods. The model is shown to reproduce the stress-softening effect of EPDM samples
with varying amount of carbon black fairly well. Therefore, it appears to be well suited for performing
fast FEM simulations of highly filled rubber goods, where stress-softening cannot be neglected.
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Abstract: The ultimate properties and resistance to fracture of nanocomposites based
on poly(1,4-cis-isoprene) from Hevea Brasiliensis (natural rubber, NR) and a high surface
area nanosized graphite (HSAG) were improved by using HSAG functionalized with
2-(2,5-dimethyl-1H-pyrrol-1-yl)propane-1,3-diol (serinol pyrrole) (HSAG-SP). The functionalization
reaction occurred through a domino process, by simply mixing HSAG and serinol pyrrole and heating
at 180 ◦C. The polarity of HSAG-SP allowed its dispersion in NR latex and the isolation of NR/HSAG-SP
masterbatches via coagulation. Nanocomposites, based either on pristine HSAG or on HSAG-SP, were
prepared through traditional melt blending and cured with a sulphur-based system. The samples
containing HSAG-SP revealed ultimate dispersion of the graphitic filler with smaller aggregates and
higher amounts of few layers stacks and isolated layers, as revealed by transmission electron microscopy.
With HSAG-SP, better stress and elongation at break and higher fracture resistance were obtained.
Indeed, in the case of HSAG-SP-based composites, fracture occurred at larger deformation and with
higher values of load and, at the highest filler content (24 phr), deviation of fracture propagation was
observed. These results have been obtained with a moderate functionalization of the graphene layers
(about 5%) and normal lab facilities. This work reveals a simple and scalable way to prepare tougher
NR-based nanocomposites and indicates that the dispersion of a graphitic material in a rubber matrix
can be improved without using an extra-amount of mechanical energy, just by modifying the chemical
nature of the graphitic material through a sustainable process, avoiding the traditional complex approach,
which implies oxidation to graphite oxide and subsequent partial reduction.

Keywords: natural rubber; high surface area graphite; functionalization; serinol pyrrole; ultimate
properties; fracture resistance

1. Introduction

Poly(1,4-cis-isoprene) from Hevea Brasiliensis, known as natural rubber (NR) [1,2], is the most
important rubber, with a worldwide production of almost 14 million tons in 2018; it represents about
40% of the total rubber consumption [3,4]. Such a great success is based on the outstanding properties
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of NR: tack [5,6] and strength [7] in the uncured state and, upon vulcanizing, tensile strength [8,9] and
resistance to fatigue and crack growth [10–13]. In particular, the latter properties are due to a peculiar
property of NR, strain induced crystallization [14–17]. Indeed, NR is the selected rubber for demanding
applications, for instance those in tire compounds (for cars, heavy trucks, and airplanes), anti-seismic
base isolators, and anti-vibrating mounting pads. Moreover, NR is produced with a far lower energy
input with respect to synthetic rubber: 15-16 MJ/kg versus a typical value of 100 MJ/kg [4]. It is also
worth mentioning the efficient carbon sequestration performed by the Hevea tree: the photosynthetic
rate of Hevea leaves is of about 11 μmol/m2·s versus a value of 5–13 μmol/m2·s in other trees [18]. Thus,
the large amount of research performed on NR and NR-based composites can be easily understood.

In spite of its remarkable properties, NR is unable to meet the requirements of the above-mentioned
applications. Better mechanical properties are required and achieved with the addition of reinforcing
fillers [19,20]. Carbon black (CB) has been used for over a century [21]. After the discovery
of fullerenes [22], an impressive amount of nanosized sp2 carbon allotropes has been prepared:
single [23,24] or multi-walled [25,26] carbon nanotubes, graphene [27–30], and graphene-related
materials [31–34]. Graphene is of particular interest because of its outstanding properties: an elastic
modulus larger than 1 TPa, exceptional thermal and electrical conductivity [35,36].

Papers and reviews on rubber composites with graphene and related materials (GRM), mainly
dedicated to isoprene rubber, are available in the scientific literature [37–58]. The basic objective of
the reported researches is to obtain an ultimate distribution and dispersion of the graphene layers.
Indeed, it is widely acknowledged that, by increasing filler distribution and dispersion, superior
mechanical and ultimate properties and abrasion resistance can be achieved [59]. Moreover, the
amount of filler can be reduced, thus preparing lighter materials. In the field of rubber composites,
the filler dispersion can be improved by applying mechanical energy. However, such an approach
can alter the structure of the rubber and even of the filler. Melt blending is used to promote the
dispersion of nanographite, even with a very high surface area [39,44,50]. The solution mixing has
been documented [58], but this approach is troublesome, particularly in view of an industrial scale
up. The favored technology reported in the literature is the dispersion of graphene layers in latexes
of NR [37,38,41,45,46,48,50–52,55] or of poly(styrene-co-butadiene) (SBR) [40], combined with the
rational design of the surface chemistry of the filler [40]. In fact, to prepare latex dispersions, polar
graphitic materials, in most cases graphene/graphite oxide (GO), are used [23–26,37,38,40,41,44–46,48].
GO, which is typically prepared by means of the Hummers and Offeman method [60–63] is then
reduced, typically with chemical methods [64–66]. In such an oxidation-reduction method, the main
disadvantage is the use of dangerous and even toxic chemicals (such as potassium permanganate,
sulphuric acid, hydrazine), and harsh reaction conditions. Moreover, it is acknowledged that the bulk
graphene structure is only partially restored: an appreciable amount of sp3 defects is present in the
final product.

In this work, nanocomposites based on NR and graphene layers functionalized by means of a
simple and sustainable method were prepared. The main objective of the research was to investigate
the effect of an enhanced dispersion of the graphene layers on the dynamic-mechanical, tensile, and
fracture properties of natural rubber nanocomposites. As the starting graphitic material, a high surface
area graphite (HSAG) was selected, with a limited number of stacked layers (about 35) and a high
order inside the basal plane, hence with a high shape anisotropy [66–68]. In order to achieve ultimate
distribution and dispersion in the NR matrix, the nanocomposite was prepared via latex blending and,
in order to obtain a higher compatibility with the latex, functionalization of HSAG was performed. A
key objective of this work was to perform the functionalization with a sustainable and simple method,
avoiding the above-mentioned oxidation-reduction cycle and harsh reaction conditions and preserving
the structure of the graphene layers. Functionalization has been performed with a Janus molecule
such as 2-(2,5-dimethyl-1H-pyrrol-1-yl)propane-1,3-diol (serinol pyrrole, SP), by simply mixing and
heating HSAG and SP [69,70]. It has been shown [71] that a domino reaction occurs: a carbocatalyzed
oxidation of the pyrrole compound occurs and then the pyrrole ring gives rise to a cycloaddition
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reaction with the graphitic substrate. The layers, whose bulk structure is substantially unaltered, are
functionalized at the edges with OH groups. Nanocomposites prepared via latex blending have been
compared with those obtained via melt blending. The dispersion of the graphitic filler was investigated
with transmission electron microscopy (TEM). Dynamic-mechanical properties were studied through
the application of stresses in the shear and axial modes, and tensile and fracture properties were
also investigated.

2. Materials and Methods

2.1. Materials

High surface area graphite (HSAG) was Nano 27 from Asbury Graphite Mills, Inc. (Asbury, NJ,
USA). According to the technical data sheet: carbon content is not lower than 99 mass%, surface area is
250 m2/g, and the chemical composition from elemental analysis (U.S. Standard Test Sieves) is carbon
99.82%, ash 0.18%, and moisture 0.97%. The number of stacked layers was estimated, as already
reported [66–68], to be about 35.

The NR latex was a medium ammonia grade from Centex FA, with a 60 wt % solid content,
pH (at 20 ◦C) = 9–11, a density of 0.95 g/cm3, and partial miscibility with water. 2,5-hexanedione
(MW = 114.12 g/mol) from Sigma-Aldrich (purity ≥97%, St. Louis, MO, USA), 2-aminopropane-1,3-diol
(serinol, purity ≥98%) was kindly provided by Bracco (Milan (MI), Italy). Acetone was from
Sigma-Aldrich (St. Louis, MO, USA), purity ≥97%. All the chemicals were used without
further purification.

The following chemicals were used for the preparation of the elastomeric compounds: Zinc
Oxide (from Zincol Ossidi, Bellusco (MI), Italy), stearic acid (from Sogis, Sospiro (CR), Italy), 6PPD
(N-(1,3-dimethylbutyl)-N′-phenyl-p-phenylenediamine, from Crompton, Middlebury, CT, USA),
sulphur (from Solfotecnica, Cotignola (RA), Italy), and TBBS (N-tert-butyl-2-benzothiazyl) sulfonamide,
from Eastman (Sauget, IL, USA).

2.2. Synthesis of 2-(2,5-Dimethyl-1H-Pyrrol-1-yl)Propane-1,3-Diol or Serinol Pyrrole (SP)

A mixture of 2,5-hexanedione (HD, 12.15 g, 0.107 mol) and 2-aminopropane-1,3-diol (S, 9.96 g;
0.107 mol) was poured into a 100 mL round-bottomed flask equipped with a magnetic stirrer and
a condenser (single glass tube). The mixture was then stirred (300 rpm) at 155 ◦C for 3 h. Then the
condenser was removed, and the mixture was left stirring at 155 ◦C for 30 min. Afterwards, the reaction
mixture was cooled down to room temperature. Finally, 15.51 g of pure, dark amber, viscous product
was obtained. 1H NMR (CDCl3, 400 MHz); δ (ppm) = 2.27 (s, 6H); 3.99 (m, 4H); 4.42 (quintet, 1H); 5.79
(s, 2H). 13C NMR (DMSO-d6, 100 MHz); δ (ppm) = 127.7; 105.9; 71.6; 61.2; 13.9.

2.3. Functionalization of High Surface Area Graphite (HSAG) with Serinol Pyrrole (SP)

Two samples were prepared, with two different HSAG/SP mass ratios.
Sample 1. HSAG/SP mass ratio = 10/1. 10 g of HSAG and 50 mL of acetone were put in a 250 mL

round-bottomed flask. A solution of 1 g of SP in 15 mL of acetone was then added. The suspension was
sonicated for 10 min, using a 2 L ultrasonic bath 260 W (Sonica, Soltec Srl, Milan, Italy). The solvent
was removed under reduced pressure using a rotary evaporator. The 250 mL round-bottomed flask
was then equipped with a magnetic stirrer and a condenser, heated up to 180 ◦C in an oil bath, and left
under stirring (300 rpm) for 3 h. One hundred mL of acetone were then added to the free-flowing
powder and the suspension was stirred overnight at room temperature and then filtered on a Büchner
funnel with a sintered glass disc. The free-flowing powder was recovered and dried in an oven at
95 ◦C for 4 h.

Sample 2. HSAG/SP mass ratio = 10/0.6. The same experimental procedure as above was used.
Instead of 1 g of SP, 0.6 g was used.
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2.4. Characterization of the HSAG-SP Adduct

Functionalization Yield was determined using Equation (1):

Functionalization Yield (%) =
SP mass % in (HSAG− SP adduct) after acetone wash

SP mass % in (HSAG− SP adduct) before acetone wash
(1)

The mass percentages of Serinol Pyrrole (SP) in the HSAG-SP adduct (before and after acetone
washing) were obtained from TGA analysis. This technique is frequently used to check the presence of
organic compounds on the surface of carbonaceous fillers [72].

The TGA instrument used to perform thermogravimetric analyses was a Mettler TGA SDTA/851
(Mettler Toledo, Columbus, OH, USA). The standard method ISO9924-1 was followed. The method
used for the analysis of adducts (5–10 mg) consists in a heating ramp (10 ◦C/min) from 30 up to 300 ◦C,
followed by a 10 min isotherm at 300 ◦C, then another heating ramp (20 ◦C/min) up to 550 ◦C and
another isotherm at 550 ◦C (15 min); this isotherm is followed by a final heating ramp (10 ◦C/min) up to
900 ◦C after which the temperature is kept constant until the end of the experiment. At 102.5 min from
the beginning of the test, the gas in the chamber is switched from N2 to air. The whole experiment lasts
120 min.

2.5. Rubber Composites Preparation

Composites formulations, expressed in parts per hundred rubber (phr), are reported in Table 1.

Table 1. Recipes of NR-based composites with HSAG or HSAG-SP as reinforcing fillers a,b.

Composite 0 1 2 3 4 5 6

NR 100 100 100 100 100 100 100
HSAG / 5 15 24 / / /

HSAG-SP / / / / 5 c 15 c 24 c

a Amount of ingredients in phr b Other ingredients: Stearic Acid 2, Zinc oxide 4, 6PPD 2, TBBS 1.7, sulphur 1.2
c Theoretical values. For the experimental values, see below in the text.

Composites were prepared by using the same NR grade, in two steps. In the first step, either NR
or NR/HSAG-SP were coagulated from the latex. In the second step, further ingredients were added
through melt blending. The amount of HSAG and HSAG/SP was: 5, 15, and 24 phr. The intention was
to use 25 phr of HSAG and HSAG/SP. In the HSAG/SP masterbatch coagulated from the latex, 24 phr
were experimentally found (by means of TGA) and it was decided to use the same amount of HSAG in
the corresponding composite.

2.5.1. Coagulation of NR

Dilution of NR latex. A typical procedure is as follows: 83.33 g of NR latex were poured in a
500-mL beaker, equipped with a magnetic stirrer; 100 mL of distilled water was added. The mixture
was left under stirring (300 rpm) for 10 min at room temperature.

Coagulation of NR from the latex. Rubber was then coagulated by adding 100 mL of a 1M
sulphuric acid solution. The solid rubber was then squeezed, immersed in distilled water overnight,
rinsed with water up to neutral pH, reduced to small pieces, and left to dry at room temperature.

2.5.2. Coagulation of NR/HSAG-SP

The same procedure, reported as follows, was adopted for the preparation of three NR/HSAG-SP
masterbatches (containing 5, 15, and 24 phr of HSAG-SP).

Preparation of HSAG-SP dispersion in water. HSAG-SP was weighed and introduced in a 500-mL
beaker, then distilled water was poured in the beaker, specifically 100 mL for each gram of adduct.

110



Polymers 2020 , 12 , 944

The dispersion was sonicated in a 2 L ultrasonic bath with power of 260 W for 15 min to produce a
homogeneous dispersion of the adduct in water. Then a magnetic stirrer was introduced in the beaker.

Dilution of NR latex. A dispersion of 83.33 g of latex in 100 mL of distilled water was prepared as
reported above.

Coagulation of NR/HSAG-SP from the latex. The diluted NR latex was added to the HSAG-SP
dispersion in water. The mixture was left stirring (500 rpm) at room temperature for 1 h. Rubber was
then precipitated by adding 100 mL of a 1M sulphuric acid solution. The precipitated rubber was
washed and dried following the same procedure described above.

2.5.3. Melt Blending

Composites with HSAG. NR, coagulated from the latex, was fed into a 50 cc Brabender® internal
mixer and masticated for 1 min at 80 ◦C and 60 rpm, with 85% as the fill factor. HSAG was then added
and mixing was performed for 3 min. Stearic acid, 6PPD, and zinc oxide were added, and mixing
was carried out for a further 3 min. The composite was then discharged and fed again into the mixer
kept at 45 ◦C. After 1 min mixing, TBBS and sulphur were added. After 3 min mixing, the composite
was discharged.

Composites with HSAG-SP. The same procedure was followed, except for filler addition. The total
mixing time was kept equivalent.

NR composite. The same procedure reported above was adopted, except for HSAG, which was not
added. The total mixing time was kept constant.

2.6. Curing

The crosslinking reaction was performed and monitored with a rubber process analyzer (RPA,
Alpha Technologies, Hudson, OH, USA) at 170 ◦C for 10 min. 5 g of crude rubber compound were
introduced in the rheometer. Before the crosslinking step, a strain sweep was performed at low
deformations (0.1–25% strain), then the sample was kept at 50 ◦C for ten minutes and subjected to
another strain sweep at 50 ◦C. Subsequently vulcanization was performed during which the torque-time
curve, the minimum achievable torque (ML), the maximum achievable torque (MH), the time needed
to have a torque equal to ML + 1 (TS1), and the time needed to reach 90% of the maximum torque (T90)
were measured. Acquisitions were performed with an oscillation angle of 6.98% and a frequency of
1.7 Hz.

2.7. Strain Sweep Tests

Shear dynamic-mechanical properties were measured using a rubber process analyser (RPA).
A strain sweep was performed on the crude sample at low deformations (0.1–25% strain), then the
sample was kept at 50 ◦C for ten minutes and subjected to another strain sweep at 50 ◦C before being
vulcanized as described in the previous paragraph. After 20 min at 50 ◦C, shear dynamic-mechanical
properties were measured, applying a 0.1–25% strain sweep at a frequency of 1 Hz. The measured
properties were shear storage and loss moduli (G′, G”).

2.8. Morphological Analysis

The dispersion of the carbon allotrope in the NR matrix was investigated by transmission electron
microscopy (TEM, Carl Zeiss AG, Oberkochen, Germany) with an 80 kV Zeiss EM900 microscope.
Ultrathin cryosections of the cured composites were prepared at −130 ◦C by using a Leica EM FCS
cryo-ultramicrotome (Leica Microsystems, Wetzlar, Germany).

2.9. Dynamic Mechanical Analysis (DMA)

The experiments were conducted with a DMA 861/40N testing device (Mettler Toledo GmbH,
Schwerzenbach, Switzerland) in tension mode. The parallel parts between the shoulders of the
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dumbbell specimens (S2) (thickness of ~2 mm and width of 4 mm) were utilized as the specimens with
a clamping distance of 19.5 mm. In a first step, amplitude tests were conducted at room temperature
within 1–100 μm identifying the linear viscoelastic range of the material grades. Based on the results,
temperature sweep tests were carried out with a dynamic amplitude of 8 μm, a static amplitude of
103%, a frequency of 2 Hz, and a heating rate of 3 K/min within the temperature range of −80 to 50 ◦C
using liquid nitrogen as a cooling agent. Out of the measurements, the storage modulus (E′), loss
modulus (E”), and loss factor (tanδ) were plotted and compared in the investigated temperature range.

2.10. Quasi-Static Tensile Tests

The quasi-static tensile experiments were conducted based on DIN 53504 and the dumbbell-shaped
test specimens (S2) were punched from the received ~2 mm thick plates. These specimens possess a
width of 4 mm and were clamped at a distance of 43 mm. The tests were conducted with a Zwick
universal testing machine (Zwick Roell Z001, Test expert, Ulm, Germany) utilizing a 1 kN load cell, at
a constant crosshead speed of 200 mm/min according to the testing standard. The non-contact strain
measurements based on the digital image correlation (DIC) technique were implemented using two
cameras and the Mercury RT software (version 2.5, 2017) (Sobriety s.r.o., Kuřim, Czech Republic). Each
material grade was characterized implementing five specimens to ensure reproducibility. Based on the
results, stresses at 50 and 100% of strain (σ50 and σ100), as well as stress at break (σB) and elongation at
break (εB) were determined in average values along with standard deviation.

2.11. Fracture Tests

The experimental procedure, described in detail in [73], is a single specimen procedure developed
to obtain the fracture resistance of rubber mode I condition, and is based on the J-integral parameter [74].
The procedure is summarized here: Single Edge Notched in Tension (SENT) specimens, shown in
Figure 1, are used, with the following dimensions: width W = 10 mm, clamps distance L = 30 mm,
thickness B = 2 mm, notch length a0 = 3 mm. SENT specimens were tested at 10 mm/min of crosshead
rate. During loading, the load- crosshead displacement curve was monitored. J-integral values at the
fracture initiation point, Jc (kJ/m2) values, were calculated by Equation (2):

Jc =
η·Uc

B·(W − a0)
(2)

where Uc is the energy, the area under the stress-strain curve, up to the initiation point, and η is a
geometry factor, previously calibrated for the dimensions used in this work (30 × 10 mm2) following
the multispecimen procedure described in [73,75]. The η values are obtained from the following
equation after measuring the actual a0 values from the fracture surfaces:

η = −1.155
a2

0

W
+ 1.8938

a0

W
− 0.0011 (3)
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Figure 1. Sketch of the specimen used for fracture tests, with notch length (a0), thickness of the specimen
(B), and width (W) and length (L0) of the specimen.

The point of fracture initiation was optically monitored by a camera placed in front of the notch
taking an image every 2 s, as shown in Figure 2. The black notch surfaces were sputtered before testing
by a white talc powder. In this way the new fracture surface can be easily distinguished as a black line
at the notch root. Due to the progressive evolution of the fracture process, initiation is conventionally
taken when the new fracture surface spans over all the specimen thickness and is 0.1 mm high (see
ref. [73]). Five test repetitions were performed for each material.

Figure 2. Experimental setup for fracture test: camera in front of the notch root, example of frames
taken during a fracture test with the notch surfaces of a specimen. In particular, fracture initiation
is indicated.

3. Results and Discussion

3.1. Functionalization of HSAG

The functionalization of HSAG was performed through the reaction with serinol pyrrole. As
mentioned in the Introduction, the functionalization process is indeed simple and occurs through the
domino reaction shown in Figure 3.
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Figure 3. Scheme of the domino reaction for the functionalization of HSAG with serinol pyrrole.

Details about the reaction are provided in the Materials and Methods section. In brief, serinol
pyrrole is obtained by simply mixing and heating the primary amine (serinol) and the dicarbonyl
compound and functionalization occurs by simply mixing the pyrrole compound and the graphitic
substrate, then heating the mixture at 180 ◦C for 3 h. The domino functionalization process occurs via
the following steps: adsorption of the pyrrole compound onto the graphitic material, carbocatalyzed
oxidation of SP, and cycloaddition reaction with the graphene layers. In this work, SP was obtained by
performing the reaction between the diketone and serinol in a flask, isolating the product. However, as
already reported [76], the reactants can be mixed on top of the sp2 carbon allotrope. In this case, the first
step of the domino process becomes the synthesis of the pyrrole compound. Such functionalization
method avoids the above-mentioned harsh reaction conditions typically used for the traditional
oxidation-reduction approach. In this work, two functionalization reactions were performed, with
two HSAG/SP mass ratios: 10:1 and 10:0.6. The objective was to check the efficiency of the reaction by
increasing the amount of the pyrrole compound.

The efficiency of the functionalization reaction was evaluated by means of thermogravimetric
analysis (TGA), as described in Materials and Methods, on the HSAG/SP adduct isolated after the
reaction and an exhaustive acetone extraction, curves are reported in Figure 4. The detected mass
losses are in Table 2.

Table 2. Mass losses for HSAG and HSAG-SP adduct, as detected from TGA analysis.

Sample Mass Loss (%)

T < 150 ◦C 150 ◦C < T <
400 ◦C

400 ◦C < T <
700 ◦C T > 700 ◦C

HSAG (a) 1.3 1.7 4.6 92.4
(c) 0.0 0.1 0.4 99.5

HSAG-SP
Sample 1 (b) 0.9 6 9.4 83.6

(c) 1.0 5 8.5 85.5

HSAG-SP
Sample 2 (b) 0.5 2.1 4.1 93

(c) 0.6 1.4 4 94

(a) Pristine (b) after the functionalization reaction (c) after washing with acetone (see Materials and Methods section).
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(a) 

(b) 

Figure 4. Thermogravimetric analysis of: (a) Pristine HSAG and, (b) HSAG-SP after acetone extraction
(Sample 2 in Table 2 below).

Mass losses below 150 ◦C can be attributed to the removal of the adsorbed water. It is not revealed
by washed pristine HSAG and increases with the amount of serinol pyrrole in the adduct. It is worth
repeating (see Materials and Methods) that all the functionalization reactions were performed on
washed HSAG samples. The mass loss at temperatures above 150 ◦C, for the washed sample of pristine
HSAG can be attributed to alkenylic defects. In the case of HSAG/PyC adducts as well, mass loss is
due to the presence of the organic modifier introduced with the functionalization reaction [69]. Such
mass loss is indeed appreciable in the samples exhaustively extracted with acetone. Stable adducts
were thus formed. The equation and procedure for estimating the functionalization yield was reported
above in the Materials and Methods section. High functionalization yields were obtained by using the
two levels of modifier, about 10% and 6% by mass: they were 88% and 87% for Sample 1 and Sample 2,
respectively. For the preparation of the nanocomposites, Sample 2 (lower amount of SP) was used.
This choice was motivated by two main objectives: to verify if such a low level of functionalization
was enough to promote the dispersion of HSAG in the NR latex and then in the NR-based composite
and then to reduce the interaction of the polar groups with the polymer chains. Indeed, the objective
of this work was to investigate the effect of graphene layers on an NR-based composite.
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The infrared analysis of HSAG-SP adducts has been discussed elsewhere [70]. In the case of the
samples prepared in this work, the typical spectral features of the pyrrole compound (PyC) derivative
have been identified.

3.2. Preparation and Characterization of Rubber Composites

The same NR grade, coagulated from a latex, was used for the preparation of all the composites.
Coagulation was performed of either pristine NR latex or NR/HSAG-SP dispersion. Melt blending was
then carried out, adding the ingredients reported in Table 1 above. Three different amounts of HSAG
or HSAG-SP were used: 5, 15, and 24 parts per hundred rubber (phr). The presence of the functional
group in HSAG-SP was neglected and the same amount of HSAG and HSAG-SP were used. Hence,
when discussing the results reported in the following paragraphs, it is important to bear in mind that
in the case of composites based on HSAG-SP, graphitic content is slightly lower.

3.2.1. Curing

Sulphur-based crosslinking was performed with a typical recipe, based on sulphur and a
sulphenamide. Data from rheometric tests, collected as described in Materials and Methods, are
shown in Table 3.

Table 3. Curing data of NR–HSAG and NR–HSAG-SP compounds.

Composite n. 1 2 3 4 5 6

Filler Type HSAG HSAG HSAG HSAG-SP HSAG-SP HSAG-SP
Filler Amount 5 phr 15 phr 24 phr 5phr 15 phr 24 phr

ML (dNm) 0.3 0.8 1.3 0.6 0.9 1
MH (dNm) 6.1 8.4 10.2 6.4 8.2 9.1

MH −ML (dNm) 5.8 7.6 8.9 5.8 7.3 8
t90 (min) 3.9 4.0 3.8 4.3 4.2 3.8

tS1 (dNm) 2.5 2.5 2.3 2.7 2.5 2.3
(MH −ML)/(t90 − ts1) 4.1 5.1 5.9 3.6 4.3 5.3

The values of ML and of MH increase, as expected, with the amount of graphite. With pristine
HSAG, higher ML and MH values were obtained for the largest content of the graphitic filler. The ML

values are usually correlated with the viscosity of the sample. It is also worth commenting that the MH

values are affected by the presence of a filler network when the considered filler content is above its
percolation threshold, as the strain amplitude sweep is not large enough to completely disrupt the
network. In a previous study [39], the percolation threshold of HSAG in a poly(isoprene) matrix was
reported to occur at about 21 phr. The lower viscosity and lower MH of the composite with HSAG-SP
could be attributed to a better dispersion of the filler in the matrix. Differences, if any, are small
amongst the values of ts1, t90 and (MH −ML)/(t90 − ts1), which indicate, respectively, the induction
and optimum vulcanization times and the vulcanization rate. It seems thus possible to comment
that the functionalizing agent does not appreciably affect the curing kinetics. However, it can be
observed that values of ts1 and t90 remain almost constant for the composites based on HSAG, whereas
they decrease, though to a minor extent, in the case of composites based on HSAG-SP. In the field of
elastomer composites, it is acknowledged that a sp2 carbon allotrope promotes faster sulphur-based
vulcanization [77]. The decrease of ts1 and t90 for the HSAG-SP composites is thus in line with prior
work and could indicate a better interfacial area between the filler and the composite ingredients, and
hence a better filler dispersion.

3.2.2. Strain Sweep Tests

Strain sweep experiments were performed, using a rubber process analyzer (RPA), as described
in the Materials and Methods section. Storage (G′) and loss (G”) moduli and Tan Deltamax (G”/G′)
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were measured. The obtained results are reported in Table 4. Low levels of moduli were obtained,
as expected, in consideration of the low amount of the graphitic filler. It should be also considered
that the nanographite is made of graphene nanoplatelets, disposed parallel to the rotors of the RPA.
Composites with lamellar nanographite have been reported to have mechanical anisotropy, revealing
an orthotropic and transversally isotropic response: modulus values were observed to be very similar
in all directions in the sheet plane and much larger (almost double) in the orthogonal direction [66].

Table 4. Storage modulus G′ at minimum (0.1%) shear strain amplitude, ΔG′(G′0.1% −G′25%), maximum
loss modulus G”, and maximum Tan Deltamax (G”/G′) from strain sweep tests.

Composite n. 1 2 3 4 5 6

Filler Type HSAG HSAG HSAG HSAG-SP HSAG-SP HSAG-SP
Filler Amount (phr) 5 15 24 5 15 24

G′0.1% 0.3 0.5 0.9 0.4 0.6 0.7
ΔG′ = (G′0.1% − G′25%) ~0 0.1 0.3 ~0 0.1 0.2

G”max 0.02 0.03 0.06 0.02 0.03 0.05
Tan Deltamax 0.06 0.06 0.08 0.05 0.06 0.08

Values of ΔG′ and Tan Deltamax increase with the HSAG content, as commonly observed in filled
rubbers. The ΔG′(G′0.1% − G′25%) value is taken as an indicator of the so-called Payne Effect, which
expresses the non-linearity of the viscoelastic modulus due to the disruption of the filler network
formed by the interaction of the filler particles, either directly or mediated by polymer layers [78,79].
Hence, the behavior at low strain of the nanocomposites, based on either HSAG or HSAG-SP, is similar
at the same filler content.

3.2.3. Dynamic-Mechanical Tests

The mechanical properties of rapidly varying stress conditions over a broad range of temperatures
of the material grades were studied using the DMA method. The storage modulus (E′) and loss factor
along the temperature range are shown in Figure 5a,b, respectively. The storage modulus reveals the
elastic component of material behavior, which is related to the stiffness of the material. The peak of the
loss factor corresponds to the glass transition temperature (Tg), and the peak intensity, as well as the
width, revealing the damping properties of the material [80,81].

(a) (b) 

Figure 5. Dynamic mechanical analysis of vulcanized NR-based composites containing either
HSAG or HSAG-SP (a) Storage modulus deviation versus temperature; (b) Loss factor deviation
versus temperature.
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E′ is affected by the presence of nanographite, independent of the functionalization: the storage
modulus increases with the nanofiller amount, to a larger extent above the glass transition temperature.
In the case of 5 phr- and 15 phr-filled nanocomposites, the functionalization with serinol pyrrole only
slightly influenced the E′ values, whereas a lower E′ was obtained at 24 phr with HSAG-SP, even
though the difference is still pretty low.

The Tg appears to be substantially unaffected by the nanofiller type and content, except for
the nanocomposite containing 24 phr of filler: in the presence of HSAG-SP, the Tg value was about
1.5 ◦C lower than that obtained with HSAG. The intensity of the loss factor peak clearly depends on
nanographite type and amount. Such intensity decreased by increasing the HSAG amount. As to the
filler type, larger damping was obtained with HSAG-SP, at all the filler contents.

These findings are in line with what is reported in the literature for composites based on graphene
related materials (GRM) and NR. Enhancement of E′ with GRM content, to a different extent, was found
by using NR latexes; and thermally reduced GO, up to 4 phr (in prevulcanized natural rubber) [45],
chemically reduced GO, up to 2 phr [43] or 5 phr [46], GO, up to 0.5 phr [54]. Particular enhancement
of E′, of two orders of magnitude, was found with GO up to 5% in the composite. In this case, it
was commented that GO acted as a physical crosslinker [51]. Indeed, the interpretation for the E′
enhancement is based on the hydrodynamic effect promoted by rigid inextensible filler particles and
on their interaction with the polymer chains. The larger E′ increase, with respect to NR, observed in
this work, in comparison with those commented above for composites based on reduced graphene
oxides, has to be attributed to the larger content of HSAG (up to 24 phr). To explain the larger E′
observed in Figure 6 for the composite with 24 phr HSAG, a lower mobility could be hypothesized
for the polymer chains trapped in the network of HSAG aggregates. In fact, the HSAG percolation
threshold in a poly(isoprene) matrix was reported to occur at about 21 phr [39]. Less aggregates
and more exfoliated layers are present in HSAG-SP based composites, as is shown by TEM pictures
(discussed in the text below). It is also worth adding that HSAG-SP was reported to exfoliate in a water
suspension [68]. Further explanation for the larger E′ of HSAG-based composites could be based on
the consideration that graphene layers stacked in a crystalline aggregate are estimated to have larger
volume than exfoliated layers. Hence, HSAG aggregates could be expected to give more mechanical
reinforcement than exfoliated HSAG.

Figure 6. Stress-strain curves of vulcanized NR-based composites containing either HSAG or HSAG-SP.
The number of each composite is close to the corresponding curve. Moreover, the chemical structure of
serinol pyrrole is shown close to the curves of composites based on HSAG-SP.
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In almost all the mentioned papers [43,51,54], Tg was found to remain at the same temperature.
A shift to slightly higher temperature was found in the presence of a surfactant in Ref. [45], which was
commented to improve the interaction between the filler and the polymer chains. The slight reduction
of Tg commented above for the HSAG-SP based composite could be interpreted by the larger mobility
of the polymer chains, which are in the presence of a larger amount of exfoliated graphene layers.

The reduction of tan delta peak value is a common feature in all the examined papers and
is explained by the good interaction between the filler and the polymer chains. According to the
literature [80,81], the source of damping is the reversible interaction of polymer chains with the filler
surface. A more stable polymer-filler interaction is expected to reduce the loss factor intensity. Hence,
it could be commented that a better HSAG-SP dispersion and exfoliation could favor the chain segment
motion, thus reducing Tg. At the same time, the larger extent of reversible interactions between the
HSAG-SP layers and the polymer chains leads to larger damping.

The above findings present the peculiar behaviour of HSAG-SP: functionalization with the
polar pyrrole compound allows to improve the dispersion of the filler without establishing a strong
interaction with the NR chains; in the case of GO, it leads to higher Tg values.

3.2.4. Quasi-Static Tensile Tests

Quasi-static tensile measurements were performed on vulcanized composites, based on HSAG and
HSAG-SP. A gum stock, with vulcanized NR and without any filler, was tested for comparison. Data
from the measurements, with standard deviation, are given in Table 5 and representative stress-strain
curves in Figure 6. Upon adding nanographite (with or without SP) to NR, higher stresses at every
strain were obtained. HSAG and HSAG-SP based composites show comparable values of stress for
a given value of deformation. As far as the ultimate properties are concerned, the strain at break
decreased for all the composites loaded with the graphitic filler. The stress at break of the composites
with 15 and 24 phr of graphite has substantially the same value as the NR gum stock, whereas it is
lower for the composite with 5 phr, particularly with HSAG as the filler. As a matter of fact, at all the
filler loadings, HSAG-SP led to higher values of elongation at break and stress at break, with respect to
pristine HSAG.

Table 5. Stress at 50% (σ50) and 100% (σ100) strain, stress at break, and strain at break of NR/HSAG and
NR/HSAG-SP vulcanized samples.

Composite n. 0 1 2 3 4 5 6

Filler Type NR HSAG HSAG HSAG HSAG-SP HSAG-SP HSAG-SP
Filler Amount

(phr)
0 5 15 24 5 15 24

σ50 (Mpa) 0.57 ± 0.02 0.6 ± 0.01 0.7 ± 0.10 1.1 ± 0.06 0.5 ± 0.02 0.8 ± 0.03 1.0 ± 0.02
σ100 (Mpa) 0.8 ± 0.02 0.8 ± 0.01 1.2 ± 0.06 1.9 ± 0.10 0.8 ± 0.01 1.3 ± 0.03 1.9 ± 0.04
σ300 (Mpa) 1.93 ± 0.08 2.53 ± 0.04 6.04 ± 0.31 10.5 ± 0.6 2.31 ± 0.02 6.19 ± 0.22 9.91 ± 0.24
σB (Mpa) 24.5 ± 3.4 13.6 ± 1.9 21.4 ± 1.1 24.3 ± 1.8 19.6 ± 0.8 23.1 ± 1.6 25.4 ± 0.6
εB (%) 760 ± 37 561.2 ± 3 516.5 ± 10 468.7 ± 35 633.7 ± 18 536.1 ± 4 493 ± 1

As far as the strain at break is concerned, the results in Figure 5 and Table 5 are in line with those
reported in the literature, although the level of filler content here explored is much larger. In most
literature works based on composites from NR latexes, the strain at break was found to decrease, to a
different extent, with the content of GRM, by using thermally [45] or chemically [46] reduced graphene
oxide, mechanically exfoliated graphite [53] or GO [48,51]. In these works, the maximum amount
of the graphitic material was 4–5 phr (or %). When the GRM content was lower than 1%, the strain
at break was substantially unaltered [51,54,55]. An increase of εB was also reported, however with
graphene nanosheets prepared through the oxidation of graphite worms and dispersed with the help
of ultrafine carbon black and silane as coupling agent and adopting 4 phr as the maximum content of
the filler [57]. In the case of composites based on synthetic isoprene rubber and the same HSAG used
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in the present work and prepared via melt blending, a consistent reduction of εB was observed with a
filler content up to 60 phr [44].

The examination of literature stress at break data does not allow a straightforward summary and
this hampers the comparison with the results reported in this manuscript. With reduced graphene
oxide, the value of stress at break increases and then decreases, moving from 1 to 4 phr in ref [45]; an
optimum level of 0.5 phr is reported in [46], where the strain induced crystallization of NR is supposed
to play a main role. By using GO, with a filler concentration of 0.5%, an exceptional increase was found
for the tensile strength, which decreased then to a value not far from that of NR, at 5% as GO content.
The effect of GO on the tensile strength was the increase for a content of 1% and then a decrease to
a value lower than that of NR at 5% [51]. The hybrid filler with a graphene layer, ultrafine carbon
black, and the silane coupling agent led to a simultaneous and consistent increase of elongation and
stress at break [57]. In the work with HSAG in synthetic poly(isoprene) a consistent decrease of both
elongation and stress at break were found [44]. The present work shows that the stress at break can
have substantially the same value of the NR gum stock even at 24 phr as filler content. The better
ultimate properties obtained with HSAG-SP could be attributed to better filer dispersion. This could
explain in particular the difference observed at 5 phr as the filler content. It could be hypothesized
that, at this filler content, HSAG does not achieve a good dispersion in a composite prepared via melt
blending, because of the low shear stress experienced during the mixing. The lower shear stress found
also with HSAG-SP appears to be in line with some of the literature reports. It could be speculated
that the increase of the tensile strength at larger filler contents could be mainly due to the increased
interactions between the filler and the polymer chains. However, further experiments are needed, not
to stretch too far inferences not supported by experimental evidences.

3.2.5. Mooney Rivlin Plot

The stress–strain curves were converted into the Mooney–Rivlin plots, shown in Figure 7, where
the reduced stress given by Equation (4)

σ* (σ* = σ/(α2 − α−1)) (4)

was plotted versus the reciprocal of the extension ratio α.

(a) (b) 

Figure 7. (a) Mooney–Rivlin plots of reduced stress versus reciprocal extension ratio of unfilled NR
and nanocomposites based on either HSAG or HSAG-SP. Only representative curves are reported.
(b) Strain at the minimum reduced stress. This parameter is conventionally taken as indication of the
stress upturn point.

The Mooney Rivlin plot reveals the stress upturn, which is considered to be due either to the
entanglements which behave as effective crosslinking points at higher elongations. [82] or to the finite
extensibility of the network chain segments [83,84] or to the strain induced crystallization [82–88].
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Curves in Figure 7 refer to the NR gum stock and the composites based on HSAG and HSAG-SP,
with different filler contents. In the graph in Figure 7a, a remarkable decrease in stress at low strain
levels can be observed, attributed to the Payne effect in the case of filled rubbers. Furthermore, NR
and composites with low amount of filler (5 phr) show a nearly linear region, followed by a stress
upturn. The higher the filler content, the less definite is the central linear region of the plot, which
turns into a smooth curvature. It appears that the upturn occurs at a lower extension ratio for the
HSAG-based nanocomposites: the larger the amount of filler, the lower is the extension ratio. At 5 phr
of filler content, the upturn occurs at an appreciably lower strain in the case of HSAG-SP.

In the literature, the Mooney-Rivlin plot has been elaborated upon for NR/GRM composites from
latex blending, containing a low amount of GRM. With 1 phr of either GO or chemically reduced
GO [89], the upturn occurred at a lower strain than in the case of NR, in particular for the reduced GO.
Decrease of stress upturn was found by increasing the amount of reduced GO from 1 to 2 phr [43].
Abrupt upturn was observed with 0.5 phr of reduced GO [46]. These findings were attributed to the
strain-induced crystallization, a phenomenon that was documented to be favored by such a level of
GRM content [90]. However, when the content of reduced GO was increased up to 5 phr [46], a gentle
instead of an abrupt upturn was observed and attributed mainly to limited extensibility of the network
chains. In this study, this latter interpretation could be adopted to explain the results of Figure 7. The
difference observed between HSAG and HSAG-SP based composites, at 5 phr as the filler content,
could be explained by the larger mobility of polymer chains in the latter.

3.2.6. Fracture Tests

In the rubber field, natural rubber is the material of choice to prevent crack propagation.
The fracture behaviour of the NR–HSAG and NR–HSAG-SP composites was studied by applying a
fracture mechanics approach based on J-testing methodology [73]. Fracture tests allow to evaluate the
resistance of rubber in the presence of a defect. Due to the innovative character of the materials and
their limited availability, fracture resistance was characterized by the single specimen method based on
the J integral parameter, described in Ref. [73] and in Materials and Methods, on quite small specimens.
The J integral parameter describes the energy required to produce a unitary fracture surface. Due to
the viscoelastic nature of rubber and the size of specimens—smaller than usual—the results are also
influenced by energy dissipation in the specimen bulk. However, since all the materials were tested
with the same specimen dimensions, the results can be useful to rank the materials on the basis of the
energy required to initiate fracture.

Loading curves obtained from fracture tests are reported in Figure 8: Figure 8a–c for composites
with filler content, either HSAG (darker curves) or HSAG-SP (lighter curves), equal to 5, 15, and 24 phr,
respectively. The yellow dots and red triangles on the curves indicate the points of fracture initiation.

(a) 

Figure 8. Cont.
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(b) 

(c) 

Figure 8. Fracture curves for NR-based composites containing 5 (a), 15 (b), and 24 phr (c) graphitic
nanofiller. Lighter continuous lines and darker dashed lines refer to composites with HSAG-SP and
HSAG, respectively. Dots and triangles on the curves indicate the points of fracture initiation for HSAG
and HSAG-SP, respectively.

The elongation before fracture decreases by increasing the amount of the graphitic material for all
the composites—the material becomes stiffer. It is worth pointing out that the functionalization of
HSAG with SP appears to improve the fracture behaviour: curves with and without SP at the same
filler amount are similar, but fracture occurs at larger deformation and with higher values of load in
the case of HSAG-SP based composites. This causes slightly higher values of fracture resistance, Jc.
Average fracture toughness (Jc) values obtained from Equation (2) are reported with the corresponding
deviations in Table 6.

Table 6. Jc values for NR–HSAG and NR–HSAG-SP composites.

Composite n. 1 2 3 4 5 6

Filler Type HSAG HSAG HSAG HSAG-SP HSAG-SP HSAG-SP
Filler Amount

(phr)
5 15 24 5 15 24

Jc (kJ/m2) 5.2 ± 0.7 3.5 ± 0.3 2.6 ± 0.3 5.4 ± 0.6 4.0 ± 0.4 3.6 ± 0.3

Composites containing HSAG-SP are tougher; they show higher values of stored energy before
fracture initiation with respect to composites containing pristine HSAG, and this difference is significant
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at 24 phr. It is acknowledged that in tensile tests, undispersed filler particles promote specimen failure.
Hence, these experimental findings seem to suggest a better dispersion of HSAG-SP. The difference
between HSAG and HSAG-SP based composites appears more relevant for 24 phr, as the filler content.
As already reported, the percolation threshold of HSAG in a poly(isoprene) matrix occurs at about
21 phr [39]. Hence, the beneficial effect of a better filler dispersion seems to be more evident above
the filler percolation. Similar conclusions were achieved in a recent study [54], which compared the
fracture properties of NR/GO nanocomposites via melt and latex compounding. The same fracture
method applied in the present work was used, but with different specimen dimensions and at very low
filler content (< 0.5 phr). In spite of these differences, an improvement in fracture properties with latex
blending due to better nanofiller dispersion was observed. It is reasonable that a polar filler such as
GO benefit from the blending in rubber latex. This was also the hypothesis of the origin of this work,
inspired also by the chance of using a polar graphite functionalized in a simpler and more sustainable
way, with respect to GO.

Values of pure NR are not reported, although the experiments were performed under the same
experimental conditions. As a matter of fact, NR specimens were elongated up to about 700% at
complete break during fracture tests. At such a high deformation, the specimen completely lost
its shape and stress state completely changed. This behaviour can be attributed to the extremely
high deformability of NR combined with a high fracture toughness, and to the small size of the
specimens, which does not provide enough constraint during the test. Therefore, although a value
of fracture toughness equal to 18.1 ± 1.2 kJ/m2 was calculated for NR, this figure was considered
to be not reliable and thus not comparable with the other results. It is, however, clear that NR has
a higher fracture toughness compared to the other composites, most likely as a consequence of its
strain-induced crystallization.

The morphology of the fracture surface was investigated. For neat NR and composites with 5
and 15 phr of both fillers, and composite with 24 phr of HSAG, the fracture propagated straight and
perpendicular to the applied load. Only the composite with 24 phr of HSAG-SP showed a different
behaviour. Pictures of fractured samples of composites with 24 phr of filler are shown in Figure 8 (side
view). The straight fracture propagation visible in the NR/HSAG composite indicates that the crack
follows the shortest possible path (Figure 9 right), whereas the change of direction is evident in the
specimen with HSAG-SP (Figure 9 left).

 
Figure 9. Side view of fractured samples containing 24 phr of HSAG-SP (on the left) and HSAG
(on the right).

Fracture propagation deviates in HSAG-SP composites with 24 phr of filler, as if it had encountered
obstacles that force the change of direction. This makes the material tougher: a higher amount of
energy is required to break the material. To account for such a behaviour, it could be useful to
remember that NR gives rise to strain-induced crystallization (SIC). HSAG-SP based samples achieve
greater elongation; this could favour the crystallization. Moreover, the dispersion at the nano level
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of two-dimensional reinforcing fillers has been shown to favor SIC [46,48]. The crystallites could be
responsible for the modification of the direction of propagation of the fracture found at 24 phr of
filler content.

3.2.7. Structure of the Composite; TEM Analysis

Experimental findings from dynamic-mechanical, tensile, and fracture tests suggest that, thanks
to functionalization with SP, a good dispersion of the graphitic filler was achieved. To confirm such
hypothesis, the structure of cured composites based on HSAG or HSAG-SP was investigated by TEM
analysis at different magnifications. Representative micrographs of the composites containing 24 phr
of nanofiller are shown in Figure 10.

 
Figure 10. TEM micrograph taken at different magnifications of the samples containing 24 phr of HSAG
(a,c,e) and HSAG-SP (b,d,f).

A relatively homogenous distribution of sub-micrometric aggregates was observed at low
magnifications (Figure 10a) for both the samples, suggesting the presence of a well-structured nanofiller
network. The morphological analysis carried out at different magnifications indicates a similar
nanofiller dispersion in the two samples; however, in the sample containing HSAG-SP (Figure 10b,d,f)
smaller aggregates and higher amounts of few layers stacks and isolated layers can be observed within
the elastomer matrix.
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4. Conclusions

This work reports a simple and sustainable way of improving the ultimate and fracture properties of
a nanocomposite based on natural rubber and a graphitic material. The nanocomposite is characterized
by the ultimate dispersion of a nanosized high surface area graphite, achieved by modifying the chemical
nature of the carbon allotrope, thus without using an extra amount of mechanical energy. The polarity
of HSAG was increased, thanks to functionalization with serinol pyrrole; a masterbatch of HSAG-SP in
NR was prepared by coagulating the HSAG-SP dispersion in NR latex. The functionalization with
the pyrrole compound, with respect to the traditional approach based on GO, has the following main
features: it does not require a reduction step (either thermal or chemical) and the use of hazardous
chemicals and harsh reaction conditions, and it leaves the bulk structure of the graphitic substrate
substantially unaltered. The polar HSAG-SP does not act as GO, as a crosslinking agent for the
polymer chains, but promotes the ultimate dispersion of the graphene layers. Composites, with either
pristine HSAG or HSAG-SP, were then prepared with melt blending, using traditional equipment
and energy. Good dispersion of the graphene layers appears to be responsible for better ultimate and
fracture properties of the sulphur-crosslinked HSAG-SP composites. These results were obtained
by using HSAG with a low amount of SP and by preparing the dispersion of HSAG-SP in water
and then in NR latex by means of magnetic stirring. Recent studies [34,91] have demonstrated that
the shear rate of order of magnitude of 104 s−1 can lead to extensive exfoliation of the graphitic
aggregates and that the affinity of graphite for the solvent (obtained through functionalization) is
highly beneficial. The perspective of the present research proceeds by obtaining a larger exfoliation of
graphitic adducts with SP by using appropriate technology, also in view of a scale up, which appears
feasible. Through tailor-made functionalization of the graphitic material, with the appropriate pyrrole
compound, composites based on different elastomers will be prepared, with evenly dispersed graphene
layers and hybrid filler systems, aimed at reproducing the improvements of the properties shown in
the present work.
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Abstract: As a viscohyperelastic material, filled rubber is widely used as a damping element in
mechanical engineering and vehicle engineering. Academic and industrial researchers commonly
need to evaluate the fatigue life of these rubber components under cyclic load, quickly and efficiently.
The currently used method for fatigue life evaluation is based on the S–N curve, which requires
very long and costly fatigue tests. In this paper, fatigue-to-failure experiments were conducted
using an hourglass rubber specimen; during testing, the surface temperature of the specimen was
measured with a thermal imaging camera. Due to the hysteresis loss during cyclic deformation, the
temperature of the material was found to first rise and then level off to a steady state temperature,
and then it rose sharply again as failure approached. The S–N curve in the traditional sense was
experimentally determined using the maximum principal strain as the fatigue parameter, and a
relationship between the steady state temperature increase and the maximum principal strain was
then established. Consequently, the steady state temperature increase was connected with the fatigue
life. A couple of thousand cycles was sufficient for the temperature to reach its steady state value
during fatigue testing, which was less than one tenth of the fatigue life, so the fatigue life of the rubber
component could be efficiently assessed by the steady state temperature increase.

Keywords: fatigue life; filled rubber; hysteresis loss; temperature increase; S–N curve

1. Introduction

Because of their hyperelasticity and the energy damping behavior of elastomeric materials, rubber
damping elements, such as V-springs, tapered springs, air springs, track dampers, engine mounting
pads, joint bushings, etc., are widely used in mechanical engineering, aerospace engineering and
vehicle engineering [1]. Due to the diversity of their structural forms, complex viscohyperelasticity of
the rubber material and significant physical and geometric nonlinear behaviors under external forces,
it is very difficult to predict the fatigue life of these rubber dampers.

Currently, for practical evaluation, fatigue failure tests are carried out on structurally similar
prototypes or real structures by applying the designated load spectrum to obtain the S–N curve,
which relates the fatigue life with a certain mechanical quantity. The mechanical quantities concerned
are usually based on stress (e.g., the maximum stress or stress amplitude) [2,3]; strain (e.g., the
maximum strain or strain amplitude) [4,5]; or energy (e.g., the strain energy release rate and the
cracking energy density, etc.) [6–8]. For testing convenience, the S–N curve is usually established by
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mechanical parameters based on stress or strain. Obviously, the fatigue life data are only valid for
the specific structures tested and are not applicable to other structures. As a consequence, testing
requires a considerable time and number of specimens. To reduce this cost, it is necessary to find
alternative fatigue control parameters rather than stress- or strain-based quantities. In recent years,
rapid estimation methods for mean fatigue limits of metallic materials have been developed based on
temperature measurements [9]. Some recent publications [10–13] proved that the characterization of
the fatigue properties of fiber-reinforced thermoplastics can be very much accelerated by the use of
the “heat build-up” approach. Le Saux and Marco, et al. [14] tried to use this method for rubber-like
materials. They linked the temperature rise to the principal maximum strain, and discussed the
relationship between the thermal measurements and the fatigue properties of 15 industrial materials.
However, there are few models that bridge the heat build-up with the fatigue life of rubber materials.

The stress–strain curve of rubber materials under cyclic loading shows a hysteresis loop due to
viscoelasticity, and the area of the loop represents the energy loss per unit volume in a deformation
cycle. The loss of energy eventually dissipates into heat. When the heat is not allowed to flow out to the
environment in time, the temperature of the material rises [15–18], showing a sharp increase as failure
approaches. Such a sudden rise in temperature can be regarded as the precursor to fatigue failure.
Therefore, the objective of this paper is to correlate the fatigue life with the self-heating temperature
increase, and to develop an efficient method for evaluating the fatigue life of rubber structures.

2. Experiments

2.1. Materials and Specimens

The rubber material used for the tests was provided by Zhuzhou Times New Material Technology
Co., Ltd. in Zhuzhou, China. The formulation of the rubber compounds was as follows: 100
phr Thailand RSS3 natural rubber, 20 phr N550 carbon black, 10 phr zinc oxide, 5 phr antioxidant,
2.5 phr sulfur, 2 phr stearic acid, 2 phr wax, 2 phr solid coumarone resin, 1.4 phr vulcanization activator.
Hourglass rubber specimens, 24 mm long and with a minimum diameter of 14.6 mm, were used in the
fatigue failure tests.

2.2. Fatigue Tests and Temperature Measurements

The fatigue-to-failure experiments were conducted on the hourglass specimens using an
electromagnetic dynamic testing machine (CARE M-3000, CARE Measurement & Control Co. Ltd.,
Tianjin, China) in force control mode at room temperature. The sinusoidally varying loads were
applied to the specimens at a frequency of 5 Hz and with a load ratio of 0; that is, the minimum load
was fixed to be 0N and the maximum load varied from 250 N to 400 N in the four independent fatigue
tests. The cycles to failure were recorded for each specimen. Duplicate tests were conducted for each
loading case. In order to quantify the hysteresis dissipation, the surface temperature of the specimen
was measured with a FLIR ThermaCAM SC3000 thermal imaging camera (FLIR Systems Inc., Orlando,
FL, USA) during the testing. The test setup is shown in Figure 1.

The maximum temperature values on the surface of the hourglass specimens were recorded
during the fatigue-to-failure experiments by the thermal imaging camera. The discrepancies between
duplicate measurements were small in all cases. Figure 2 shows the measured temperature evolution
curves for four loading cases. It is obvious that the self-heating temperature increase was dependent
on the loading conditions. The surface temperature rose rapidly during the first 3000–4000 cycles,
and subsequently leveled off at a steady state temperature T∞, until it rose again sharply as failure
approached. Fatigue failure of rubber material often occurs via crack propagation. At the moment of
material fatigue failure, the crack growth rate in the material suddenly increases to infinity, that is to
say, in a very short period of time, a large amount of energy is released due to the crack growth, which
results in a sharp increase in the material temperature. Thus, the sharp increase in temperature can be
regarded as a precursor to fatigue failure. It is also clear that the steady state temperature increases θ∞
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(=T∞ − T0, where T0 is the initial temperature of the specimen) are different under various loading
conditions, therefore θ∞ reflects the fatigue life in another manner, and can be considered a promising
and alternative fatigue parameter.

 
Figure 1. Test setup for fatigue and infrared thermal imaging measurement.
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Figure 2. Surface temperature evolution of the specimen.

3. Modeling and Discussions

3.1. Fatigue Damage Parameter Determination

The maximum principal strain εmax was selected to be the fatigue parameter for constructing the
S–N curve, as done in most studies in the literature [4,5,19]. To obtain the εmax of the hourglass specimen
under different force control fatigue loadings, a finite element simulation was employed, in which the
material constitutive model was essential. As the material constitutive model determined from a single
deformation mode experiment may not describe the mechanical response in other deformation modes,
tests under three basic deformation modes are usually required in order to accurately establish the
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true constitutive model of rubber materials: simple tension (ST), equal-biaxial tension (ET) and planar
tension (PT). Due to the incompressibility of the material, the ET of a rubber specimen creates a state of
strain equivalent to pure compression, which can be accomplished by stretching the circumference of
a circular specimen in 16 directions in a plane [20]. The PT test provides a state of pure shear in the
specimen at a 45◦ angle to the stretching direction because of the perfectly lateral constrain, which can
be easily performed on a universal tensile testing machine using a special fixture.

The stress–stretch data of the filled rubber material in ST, ET and PT tests at 23 ◦C are shown in
Figure 3. Such behavior is often modeled via hyperelastic idealization. By fitting a hyperelastic model
to the test data, the constitutive model of the material can be determined. Many hyperelastic models
have been developed. The relatively simple neo-Hookean and Mooney–Rivlin solids were the first
hyperelastic models developed [21]; currently, the Arruda–Boyce model [22] and the Ogden model [23]
are widely used to describe the strain state-dependent hyperelastic behavior, as depicted in Figure 3.

σ 
/

λ  
Figure 3. Stress–stretch curves for simple tension (ST), planar tension (PT) and equal-biaxial tension
(ET) tests of rubber and their Ogden model fits.

The Ogden strain density function [23], defined as

WOgden =
N∑

n=1

μn

αn

(
λαn

1 + λαn
2 + λαn

3 − 3
)

(1)

where λi are the principal stretches,μi and αi are experimentally determined material constants,
and N is the number of terms in the function, is considered one of the most successful functions
in describing the hyperelasticity of rubber-like materials. The three-term model (N = 3) is used
in this work to fit the experimental data, and the model parameters are identified as μ1 = 1.9042;
μ2 = −1.924× 10−10;μ3 = 3.1850× 10−4;α1 = 1.0625;α2 = −17.7;α3 = 12.3795. The model fits are also
shown by lines in Figure 3, indicating a satisfactory agreement with the tests.

A finite element model of the hourglass specimen used to calculate the εmax is shown in Figure 4.
The rubber part of the model was constructed by using four-node axisymmetric quadrilateral hybrid
elements (CAX4H). The metal parts for clamping and loading at the top and bottom of the specimen
used four-node axisymmetric quadrilateral elements (CAX4). In order to verify the three-term Ogden
model described above, the uniaxial tensile behavior of the hourglass rubber specimen when stretched
up to about 800N was numerically analyzed using the finite element model. The obtained force versus
displacement relation of the specimen was compared with the lab test data, as shown in Figure 5.
The good agreement between the numerical results and the experiment further indicates that the
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three-term Ogden model is an appropriate constitutive model for describing the hyperelastic behavior
of the filled rubber material investigated in this study.

Figure 4. Axisymmetric geometric model of the hourglass rubber specimen (left: before rotation, right:
after rotation).

F

u  
Figure 5. Tensile force-displacement curves of the hourglass specimen obtained from numerical analysis
and lab tests.

To get the maximum principal strain corresponding to the four loading cases in fatigue-to-failure
experiments, finite element analyses with the three-term Ogden hyperelastic constitutive model were
conducted. The bottom surface of the specimen was fixed, and four constant tensile forces (250 N,
300 N, 350 N, and 400 N) were applied to the top surface, respectively. Figure 6 shows the maximum
principal strain contour plots of the specimen under the four designated tensile loads. The calculated
maximum principal strains are listed in Table 1.

Table 1. The maximum principal strains of the hourglass specimen loaded with different
maximum forces.

Fmax/N 250 300 350 400

εmax 0.4133 0.5487 0.7136 0.9072
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(a) 250 N (b) 300 N 

 
(c) 350 N (d) 400 N 

Figure 6. Maximum principal strain contours of the hourglass rubber specimen. (a) 250 N; (b) 300 N;
(c) 350 N; (d) 400 N.

3.2. Fatigue Life Assessment

In the fatigue-to-failure experiments, the fatigue lives for each loading case were recorded as seen
in Figure 2. The maximum principal strains were obtained via finite element analysis, as described in
the previous subsection. Considering maximum principal strain as the fatigue parameter, S–N curves
can be built, as shown in Figure 7.
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Figure 7. S–N curve of the hourglass rubber specimen.

Numerous studies demonstrate that the power law is an excellent model for relating the fatigue
life and the maximum strain [4,5,19]. As depicted in Figure 7, the power law model describes the
experimental S–N curve very well with Equation (2).

Nf = kεn
max = 2.7075× 104ε−3.5548

max (2)
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As mentioned in Section 2, the steady state temperature increase θ∞ can be considered as a
promising and alternative fatigue parameter. We plotted the observed θ∞ with the corresponding
maximum principal strain obtained by finite element simulation in Figure 8. Le Saux et al. [14] conducted
similar heat build-up tests on several industrial rubber materials and discussed the correlation between
the temperature rise and the principal maximum strain. In Figure 9, we redrew the θ∞ vs. εmax data
within the strain range from 0.3 to 1.5, approximately the same range as used in Figure 8, for carbon
black filled natural rubber with different carbon black contents (22 phr, 39 phr and 43 phr). It is clear
from Figures 8 and 9 that the steady state temperature increase is approximately linearly proportional
to the maximum strain in the considered range; therefore, the fatigue life would also be related to the
steady temperature increase by a power law. We suggest a power law relation in the form of

Nf = A
(
θ∞
T0

)n

(3)

where T0 is the initial temperature at the beginning of the fatigue test. Fitting the data in Figure 10 to
the above equation with T0 = 20 ◦C yields the model parameters A and n in Equation (3); A = 1.06 ×
106, and n = −4.46. Equation (3) provides a promising criterion for the fatigue life prediction. As long
as the steady state temperature increase at the point of the maximum strain is determined, the fatigue
life of the structure can be predicted by the model.

θ ε

ε

θ

f

 
Figure 8. Steady state temperature increase of the hourglass specimen under fatigue with different εmax.

θ ε
θ ε
θ ε

θ

f

 

Figure 9. θ∞ vs. εmax data for cyclic loaded filled rubber with various carbon black contents [14].
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N

θ

N θ

R f
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Figure 10. Fatigue lives vs. steady state temperature increases.

Equation (3) bridges the fatigue life with the steady state temperature increase in the rubber
material, rather than the maximum strain as expressed in Equation (2). The advantage is that the steady
state temperature increase can be measured by thermal imaging in a few thousand cycles in fatigue
tests, much fewer than the number of cycles to fatigue failure. Thus, the time cost for fatigue testing
can be reduced and the characterization of the fatigue properties can be considerably accelerated by
the method provided in this work.

Based on the fatigue criterion suggested by Equation (3), thermomechanical coupling finite
element simulation is expected to be the most promising method for fatigue life assessment. In such
simulations, the loss energy density due to hysteresis in the dynamic viscoelasticity is considered as the
heat resource in the deformed body. The steady temperature increase can be obtained by solving the
heat equation with given initial boundary conditions [24], and the fatigue life of the rubber component
can be subsequently determined.

4. Conclusions

Fatigue tests and infrared thermal imaging measurements were carried out to correlate the fatigue
life with the temperature increase induced by the hysteresis loss. Experiments show that the surface
temperature of the specimen keeps its steady value for a prolonged period, which accounts for the
majority of the fatigue life, and then sharply increases until the specimen ruptures. The sharp rise in
temperature can be regarded as a precursor to fatigue failure. Moreover, the steady state temperature
increase is linearly proportional to the maximum principal strain. By replacing the maximum principal
strain, which is used as the fatigue life predictor in classic fatigue models, with the steady state
temperature increase, a promising method for quickly evaluating the fatigue life of rubber structures is
developed based on the power law model. Since only a couple of thousand cycles are required for
the temperature to reach its steady state value during fatigue testing, which is less than one tenth of
the fatigue life, the fatigue life of rubber components can be efficiently assessed by the steady state
temperature increase.
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Abstract: The main objective of this work is to study the effect of hydroxylamine sulfate or stabilizer
states (solid vs liquid) on the storage hardening of natural rubber (NR). Several types of natural
rubber samples were prepared: unstabilized NR samples and stabilized NR samples: (i) dry NR with
0.2 and 2.0 parts per hundred rubber (phr) of dry hydroxylamine sulfate, and (ii) natural latex with
0.2 and 2.0 phr of liquid hydroxylamine sulfate. The samples were characterized immediately (time 0)
and after 12 weeks of storage at room temperature, respectively. We found that the Mooney viscosity,
gel content, and Wallace plasticity of NR without a stabilizer increases with storage hardening for
12 weeks. However, two types of stabilized NR samples represent constant values of those three
parameters, because hydroxylamine sulfate inhibits network and gel formation in NR. Interestingly,
the mixing states (solid vs liquid) between natural rubber and the stabilizer affect the properties of
stabilized NR. This could be explained by the better dispersion and homogeneous nature of liquid
stabilizers in natural latex (liquid state), and thus the higher loading of the stabilizer in the liquid
state. This is important, as the stabilization of NR properties as a function of time is required by
rubber industry. This study is a utilization model from theory to application.

Keywords: natural rubber; natural latex; viscosity stabilizer; hydroxylamine sulfate; storage
hardening

1. Introduction

Natural rubber (NR) can be obtained from Hevea brasiliensis plant. NR has been widely used
across industries for surgical gloves, pillows and mattresses, elastic bands, medical products, and tires,
plus many more. NR consists of rubber and non-rubber components, the main component is
cis-1,4-polyisoprene [1–5]. The non-rubber fraction consists of proteins (ω-terminal) and phospholipids
(α-terminal), which are not only attached at each end chain of the polyisoprene, but also included in
the serum [6]. When we stored the NR for a prolonged period of time, proteins and phospholipids
at the end chain could promote formation of the NR network through protein-protein interactions
at the ω-terminal or phospholipid-phospholipid interactions at the α-terminal. The increased of the
branch chain or network of NR as a function of time can be determined by the Mooney viscosity via the
storage hardening [7]. The storage hardening of NR can be inhibited by a stabilizer. A recent study [8]
presented the effect of polar chemicals on the storage hardening of NR. Three types of polar chemicals
were used: phenol, diethylene glycol, and hydroxylamine hydrochloride. They found that gel content
and Mooney viscosity of NR samples with phenol and diethylene glycol are increased with storage
hardening. However, NR samples with hydroxylamine hydrochloride (stabilizer) represent constant
values of gel content and Mooney viscosity. Another example study proposed a model wherein the
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interaction between non-rubber components at the terminal ends of NR molecules and the viscosity
stabilizer could be hydrogen bonding [9].

Most of the previous research has presented only the study of dry NR with dry stabilizers, and also
fixed the concentration of the stabilizer at only 0.2 parts per hundred rubber (phr) [8–10]. It would
be interesting to better understand the mixing state between NR and the stabilizer, as well as the
concentration of the stabilizer. So, the objective of this present work is to investigate the effect of
stabilizer states (dry stabilizer with dry NR and liquid stabilizer with natural latex) at different stabilizer
concentrations on the properties of stabilized NR compared to unstabilized NR. This study could allow
us to better control the properties of stabilized natural rubber.

2. Materials and Methods

2.1. Materials

Fresh natural latex was used, with a dry rubber content 29.6 wt.% (Num rubber and latex Co. Ltd,
Trang, Thailand), hydroxylamine sulfate (HS) (Sigma-Aldrich, Bangkok, Thailand, preparing by Thai
eastern group, Thailand), and toluene (AR grade, RCI Labscan Limited, Bangkok, Thailand).

2.2. Preparation of NR Samples

Five types of NR samples (400 g each) were prepared (Table 1): control NR or unstabilized NR,
dry NR with 0.2 and 2.0 phr of dry hydroxylamine sulfate (NRD/HS), and natural latex with 0.2 and
2.0 phr of liquid hydroxylamine sulfate (NRL/HS). Then, all the rubber samples were individually
masticated by a two-roll mill with a front-rotor speed of 18 rpm and a back-rotor speed of 20 rpm.
The mastication for each sample was carried out at 70 ◦C for 10 min. Finally, the NR samples were
characterized after preparation (time 0, or 0 weeks) and also after 12 weeks of storage at room
temperature, respectively.

Table 1. List of natural rubber (NR) samples used in this study (phr means parts per hundred rubber).

Name Samples

Control NR Unstabilized NR
NRD/0.2 HS Dry NR with dry hydroxylamine sulfate 0.2 phr
NRD/2.0 HS Dry NR with dry hydroxylamine sulfate 2.0 phr
NRL/0.2 HS Natural latex with liquid hydroxylamine sulfate 0.2 phr
NRL/2.0 HS Natural latex with liquid hydroxylamine sulfate 2.0 phr

2.3. Characterizations

Gel content was measured by dissolving the NR samples in toluene. After that, the solution
was kept in the dark at room temperature for one week. Finally, the solution was filtered, weighed,
and then calculated with respect to the original weight sample as an equation seen below [1]:

%Gel content =
Weigth of gel× 100
Weigth of sample

(1)

Mooney viscosity analysis was performed using a Mooney viscometer (viscTECH+, TECHPRO,
Columbia City, IN, USA), within a sealed, pressurize, d and heated cavity. A rubber sample was heated
at 100 ◦C for 1 min before analysis. After that, the rubber sample was continuously measured for 4 min
by the torque required to keep the rotor rotating at a constant rate as a function of time for reading the
Mooney viscosity, which was recorded as torque in newton metre (Nm) [9].

The functional group of rubber samples was determined by attenuated total reflection Fourier
transform infrared (ATR-FTIR VERTEX 70, Bruker, Billerica, MA, USA). Rubber samples were cut into
small pieces and put on a Ge crystal probe at 600–4000 cm−1 [9].
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The Wallace plasticity value was determined according to the International Organization for
Standardization (ISO 2007). The small rubber disk was compressed between two platens at 100 ◦C for
15 s at a fixed thickness of 1 mm. After this preheating period, the rubber specimen was subjected
to a constant compressive force of 100 N for 15 additional seconds. The thickness of the specimen at
the end of this period was taken as the Wallace plasticity value. Plasticity retention index (PRI) is a
measure of the resistance of raw natural rubber to oxidation. The oxidation effect was assessed by
measuring the plasticity before aging (Po) and after aging for 30 min in the MonTech aging oven for
plasticity testing at 140 ◦C (P30) [11]:

PRI =
P30 × 100

Po
(2)

The processability under strain sweep modes of the rubber samples was investigated by a rubber
processing analyzer (RPA 2000, Alpha Technologies, Hudson, OH, USA). The strain sweep mode was
in the range of 0.5–100%, the process was carried out at 100 ◦C and 1 Hz [9].

The viscoelastic properties of uncrosslinked rubbers were determined by dynamic mechanical
analysis (DMA1, Mettler Toledo, Columbus, OH, USA) based on Williams–Landel–Ferry (WLF)
analysis. The time-temperature superposition principle was used to establish a master curve of the
storage modulus (E’) as a function of reduced frequency at a reference temperature Tref of 298 K.
Shift factors (aT) for establishment of master curves were determined according to the universal WLF
equation, where c1 and c2 are constants depending on the nature of the elastomer and the reference
temperature [12]:

log aT =

(
−c1(Texp − Tref

)
(
c2 + (Texp − Tref

) (3)

3. Results and Discussion

Concerning to the visual aspect of samples (Figure 1), we found that the control NR without any
stabilizer had a dark brown color at 0 weeks. However, the dry rubber with dry HS samples had a
light brown color. Moreover, the latex with liquid 2.0 phr of the HS sample seemed to be the lightest
brown color. After 12 weeks (data not shown), the color of the control NR became darker. However,
the color of all the rubbers with stabilizers were stable.

     
NR control NRD/0.2HS NRD/2.0HS NRL/0.2HS NRL/2.0HS 

Figure 1. The natural rubber samples used in this study for 0 weeks: NRD/0.2HS means dry NR with
dry hydroxylamine sulfate 0.2 phr, NRD/2.0HS means dry NR with dry hydroxylamine sulfate 2.0 phr,
NRL/0.2HS means natural latex with liquid hydroxylamine sulfate 0.2 phr, NRL/2.0HS means natural
latex with liquid hydroxylamine sulfate 2.0 phr.

We investigated the Mooney viscosity of the samples, which depends on the macrostructure
of the rubber samples. The results of Mooney viscosity of the samples at various storage times
are shown in Figure 2. At time 0, hydroxylamine sulfate additive stabilized both dry rubber and
latex which, are NRD/0.2HS, NRD/2.0HS, NRL/0.2HS, and NRL/2.0HS, respectively. When the
amount of hydroxylamine sulfate in rubber was increased, the Mooney viscosity of sample was
decreased. However, the latex samples showed a Mooney viscosity lower than the samples from dry
rubber. After 12 weeks, the Mooney viscosity increased for the control sample, which is a sign of the
storage hardening phenomenon of natural rubber [13]. However, the NR samples supplemented with
hydroxylamine sulfate were stable (NRD/0.2HS, NRD/2.0HS, NRL/0.2HS, and NRL/2.0HS). Considering
the effect of the viscosity stabilizer, all NR samples with the viscosity stabilizer HS (0 and 12 weeks)
had a more stable Mooney viscosity than those without. Interestingly, when the liquid hydroxylamine
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sulfate was mixed with natural latex (NRL/HS), its Mooney viscosity seemed to be lower than that of
the NRD/HS sample at a given concentration. This could be explained by the better dispersion and
homogeneous nature of liquid hydroxylamine sulfate in natural latex (liquid state) compared to the
mixing of HS and NR in a dry state.
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Figure 2. The Mooney viscosity of the samples at 0 and 12 weeks.

The gel content of the rubber samples was also interesting for investigating the effect of stabilizer
states (solid vs liquid), and the amounts of gel content are shown in Figure 3. At time 0, the control NR
sample has a gel content slightly higher than the samples with hydroxylamine sulfate (NRD/0.2HS,
NRD/2.0HS, NRL/0.2HS, and NRL/2.0HS). After 12 weeks, the NR control had a higher gel content,
resulting from gel formation during prolonged storage [1,14,15]. The gel content depends on proteins
and lipids that are the major components in the formation of the gel fraction during NR storage [16].
In contrast, the gel content was stable for NRD/0.2HS, NRD/2.0HS, NRL/0.2HS, and NRL/2.0HS.
The effect of proteins and lipids causes a gel network that is called storage hardening in NR. However,
the viscosity stabilizer hydroxylamine sulfate inhibited gel formation in the NR samples. Again,
the NRL/HS sample had a lower gel content than the NRD/HS sample at a given concentration. So,
the effects of stabilizers in liquid state were more pronounced. This result is in good agreement with
the results of the Mooney viscosity analysis.
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Figure 3. Gel content of NR samples for times 0 and 12 weeks.

The chemical compositions of the NR samples and non-rubber components were analyzed by
attenuated total reflection Fourier transform infrared or ATR-FTIR (Figure 4). The FTIR spectra
of the NR with hydroxylamine sulfate samples presented at 3600–2600 cm−1 and 1800–1600 cm−1.
At time 0, samples showed peaks for the amine group (N–H) at 3280 cm−1, the fatty acid ester group
at 1740 cm−1, the aldehyde group at 1710 cm−1, and the amide I group at 1660–1630 cm−1 [13].
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After 12 weeks, all the peaks of the control NR sample were increased, and this result is in good
agreement with a previous study [9]. For the stabilized NR samples, there was almost no change in the
FTIR spectra, except NRL/0.2HS, which was close to the control NR sample. However, the ATR-FTIR
technique focuses on a few microns from the sample surface, which is quite different from the
bulk results of the Mooney viscosity and gel content analyses between control NR and NRL/0.2HS,
in particular with this low concentration of liquid stabilizer (NRL/0.2HS), which probably would dilute
the ATR-FTIR measurement.
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Figure 4. FTIR spectra of NR with hydroxylamine sulfate samples: (A) and (C) at 0 weeks, (B) and (D)
at 12 weeks.

We were also interested in the elasticity of rubber samples, which could be determined by the
original Wallace plasticity (Po). When the Po value of rubber is high, its elasticity is high [8]. The Po
value of control NR sample increased after being stored for 12 weeks, whereas the other NR samples
with hydroxylamine sulfate had a constant Po value (Table 2). However, the NRL/HS samples possessed
lower Po values than NRD/HS, no matter the concentration of HS and the storage time. This result is
in good agreement with the results of the Mooney viscosity and gel content analyses. The proteins
and phospholipids in NR represent the network and the gel formation, which causes the increase in
Po. This phenomenon is called storage hardening [11]. Unlike the NR with stabilizer samples [16],
they represented almost stable Po values as a function of time within the uncertainty values (± 5 a.u.).

The results of Plasticity Retention Index (PRI) are also presented in Table 2. This test estimates the
resistance to oxidation and breakage of rubber molecules at higher temperatures. Similar to the Po
results, the PRI values of NR with stabilizer samples were stable, unlike the PRI value of the control
NR sample, which decreased after 12 weeks of storage time [13].
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Table 2. The original Wallace plasticity (Po) and Plasticity Retention Index (PRI) of the rubber samples
at times 0 and 12 weeks.

Sample Name
Po (± 5 a.u.) PRI (± 5 a.u.)

0 Weeks 12 Weeks 0 Weeks 12 Weeks

NR 20.0 28.0 85.0 67.9
NRD/0.2 HS 28.5 32.0 61.4 59.4
NRD/2.0 HS 22.0 21.5 54.6 51.2
NRL/0.2 HS 22.5 24.5 62.2 59.2
NRL/2.0 HS 18.5 18.0 56.8 54.2

Concerning the rigidity or storage modulus (G’) of NR samples as a function of strain, its values
for 0 and 12 weeks can be seen in Figure 5. At time 0, the results show that all the NR samples with or
without stabilizer possessed almost the same level of rigidity (G’), whereas NRL/2.0HS had the lowest
G’. This result is in good agreement with the result of the Mooney viscosity analysis. After 12 weeks,
the rigidity of the control NR increased slightly compared to that at 0 weeks. However, the rigidity of
NR with HS almost decreased compared to that of 0 weeks. This may be explained by the increased
Mooney viscosity and gel content of the control NR sample after 12 weeks.
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Figure 5. Relationship between storage modulus (G’) and the strain of NR with hydroxylamine sulfate
samples for 0 weeks (A) and 12 weeks (B).
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The tan delta is the ratio of the loss modulus (G”) and storage modulus (G’), a high tan delta
value means the rubber samples have lost more energy or have a higher heat build-up. At 0 weeks,
the control NR sample had a tan delta level close to those of NR with higher amounts of stabilizer
(2 phr), whereas the tan delta of NR with lower amounts of stabilizer (0.2 phr) was lower (Figure 6).
At 12 weeks, all samples with hydroxylamine sulfate had an increasing tan delta. However, the control
NR sample had the decreasing of tan delta because of the increasing network structure and longer
molecular chains, which reduced the molecular friction or heat build-up [9].
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Figure 6. Relationship between tan delta and the strain of NR with hydroxylamine sulfate samples for
0 weeks (A) and 12 weeks (B).

One can study the viscoelastic properties of NR samples as master curves (time-temperature
superposition) determined by dynamic mechanical analysis, which represents the storage modulus
of rubber samples as a function of reduced frequency. The mean values of the constants c1 and c2
for all NR samples (8.50 and 186.50) were rather in good agreement with the Ferry (5.94 and 151.60)
reference [12]. The shift factor (aT) as a function of temperature for the control NR sample is presented
as an insert in Figure 7, and the other samples apply the same shift factor. We found that all the
NR samples with or without the stabilizer [16] possessed similar viscoelastic properties (Figure 7) at
12 weeks, which was also similar to the results for 0 weeks.
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Figure 7. Storage modulus (E’) versus reduced frequency master curves of NR with or without
hydroxylamine sulfate for 12 weeks, the insert figure is the shift factor as a function of temperature for
control NR sample.

Figure 7 presents the master curves in three zones: glassy plateau at high reduced frequency,
transition state, and rubbery plateau at low reduced frequency. Rubber molecules are frozen in the
glassy state below the glass transition temperature. The rotation around the molecular bonds increases
with increasing the temperature to reach a rubbery state, which means that the rubber molecules
become entangled.

4. Conclusions

A molecular chain of NR is mostly cis-1,4-polyisoprene, whereas the terminal chains are divided
into proteins and phospholipids (non-rubber components), which causes storage hardening of NR
as a function of time. We investigated the effects of stabilizer states (solid vs liquid), concentration
of stabilizers (0.2 and 2.0 phr), and storage time (0 and 12 weeks) on the properties of stabilized NR
compared to unstabilized NR. We found that NR with hydroxylamine sulfate (0.2 and 2.0 phr) had
more constant values of gel content, Mooney viscosity, and Wallace plasticity compared to those of
unstabilized NR. The result of processability under strain sweep is in good agreement with the result
of the Mooney viscosity analysis. Interestingly, the mixing condition between NR and the stabilizer
in solid vs liquid states affects the properties of stabilized NR. When we mixed NR with stabilizer
in a liquid state, this type of sample obtained better performance to keep a lower and more stable
Mooney viscosity compared to the sample mixed in a dry state. This opens up more applications of
stabilized natural rubber in industry, in particular, it shows a better compromise between the processing
and properties.
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Abstract: Scattering techniques with neutrons and X-rays are powerful methods for the investigation
of the hierarchical structure of reinforcing fillers in rubber matrices. However, when using only X-ray
scattering, the independent determination of the filler response itself sometimes remains an issue
because of a strong parasitic contribution of the ZnO catalyst and activator in the vulcanization process.
Microscopic characterization of filler-rubber mixtures even with only catalytic amounts of ZnO is,
therefore, inevitably complex. Here, we present a study of silica aggregates dispersed in an SBR rubber
in the presence of the catalyst and show that accurate partial structure factors of both components can
be determined separately from the combination of the two scattering probes, neutrons, and X-rays. A
unique separation of the silica filler scattering function devoid of parasitic catalyst scattering becomes
possible. From the combined analysis, the catalyst contribution is determined as well and results
to be prominent in the correction scheme. The experimental nano-structure of the ZnO after the
mixing process as the by-product of the scattering decomposition was found also to be affected by the
presence or absence of silica in the rubber mixture, correlated with the shear forces in the mixing
and milling processes during sample preparation. The presented method is well suited for studies of
novel dual filler systems.

Keywords: SANS; SAXS; silica; zinc oxide; partial structure factors; small angle scattering

1. Introduction

Nanofiller particles added to elastomers are known to form hierarchical structures varying from
clusters of the order of a few nm up to agglomerates in the range of several μm. As a consequence of
this, the resulting composite materials show strongly improved mechanical properties, which lead
to important applications as, e.g., most prominently in tires [1–4]. The complex arrangement of the
nanoparticles in the mixtures is thereby at the basis of the associated reinforcing mechanisms. The
understanding of the correlation between the filler structure and the ultimate macroscopic properties
of the filled rubbers widely employs Small Angle Scattering (SAS) methods [5–11].

These techniques exploit the different sensitivity of the respective radiation probe for the
components in the mixture, allowing the identification of the structural distribution of the different
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species. Whereas for Small Angle X-ray Scattering (SAXS) the difference in the electron density between
typical soft and hard constituents determines the contrast, in the case of Small Angle Neutron Scattering
(SANS) different contrasts depending on nuclear properties rather than on electronic ones may exist. In
the ideal case, these contrasts can be tuned in order to elaborate the scattering of specific components
only [12–14]. For multicomponent systems, the combination of both SAXS and SANS can be therefore
used to highlight the contribution of different components to the total scattering function, due to
the different but complementary scattering contrasts obtained on the same sample. The underlying
manuscript will deal with an application of these two probes to identify the ZnO structure for the
first time in such industrial silica-containing composites, allowing its subtraction from the structural
contribution of the reinforcing fillers.

ZnO is typically used as an activator in the vulcanization process and is known to improve the
tire abrasion resistance and heat transfer at braking as well as to reduce the rubber shrinking during
the molding process [15–17].

For conventional ZnO nanoparticles with a radius between 20 and 90 nm [18], however, the
scattering contribution will occur in the same scattering vector range as the silica filler aggregates.
This interference impairs, therefore, a direct evaluation of the scattering response of the reinforcing
fillers, which is the only component determining the performance of the rubber. The problem of the
interference and also additional inhomogeneities have been discussed in the literature [5,6,14,19–22].
Due to the difficulty in disentangling the contribution from the catalyst and the filler particles, the
ZnO contribution was sometimes neglected or a simple weighted subtraction of a ZnO-containing
background was applied as data correction. Recently, a more accurate correction was reported [22],
based on different scattering techniques. The weighted subtraction assumed a priori an identical
contribution of ZnO in filled and non-filled compounds. In addition, more recently, the use of contrast
variation in such mixtures was discussed. With anomalous small angle X-ray scattering (ASAXS) at
the Zn edge, which can be realized only at synchrotron sources varying the energy of the X-ray beam,
a certain variation of the scattering length of the ZnO might be obtained, making it only partially
contributing to the total intensity [19]. Alternatively, but for the case of neutron scattering another
contrast variation procedure, in which the nuclear polarization of hydrogen atoms was modified, was
applied for such compounds. However, the latter is technically difficult and is not compatible with
standard neutron instrumentation [23]. In the underlying work using a combination of scattering
techniques, we aim to extract the form and structure factors belonging to the silica filler complex in the
presence of the full cure package and simultaneously of the necessary presence of ZnO.

Dealing with these problems is an important aspect for an enhanced understanding and the
development of structure-property relationships. For the extraction of the single contributions to the
total scattering function, we make use of a polymer-based approach in analogy to the Singular Value
Decomposition (SVD) method widely applied to multi-component ‘green’ nanocomposites in the
presence of solvents [14,24] but which relies on several samples with different labeling and contrasts.
For our purpose, the unfilled rubber will be treated as a three-component mixture formed by the
processing oil, matrix polymer, and ZnO [25], all leading to different scattering contrasts. The same
approach is then extended to the case of silica-filled compounds in order to separate the contribution
of silica and ZnO. This approximation is reasonable as these components have the strongest scattering
contribution due to not only their concentration in the mixture. As we show, the approach relies on
the combination of X-ray and neutron scattering intensities on identical samples and on the different
contrast factors involved in the two methods to decouple the partial contributions to the total intensity.
The ZnO correction is required, and its contribution appears in all samples analyzed.
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2. Materials and Methods

2.1. Samples and Preparation

The SBR used in this work has high styrene (40%) and medium vinyl content (24%). The random
copolymer is characterized by a glass transition temperature of −34.5 ◦C and is pre-mixed with 37.5 phr
(parts in weight per 100 parts of rubber) of an aromatic distillate oil (TDAE). The rubber was mixed
with amorphous precipitated silica (1165 MP, Rhodia/Solvay Group, Aubervilliers, France) of a specific
surface of 165.8 m2/g (N2 BET). Several samples with different silica volume fractions were prepared in
a standard way [21] using an internal mixer of the Banbury type, followed by a two-roll milling process.
Rubber and fillers were mixed in the non-productive stage using bis-3-triethoxysilylpropyldisulfide
(Si266) as a coupling agent. In this stage n-(1,3)-dimethylbutyl-n-phenyl-p-phenylenediamine was
used as an antioxidant while N -cyclohexyl-2-benzothiazolesulfeneamide and diphenylguanidine,
respectively, as first and secondary accelerators. During the productive stage, the curing package was
introduced, including ZnO with a specific surface of 5 m2/g used as the catalyst. Samples with different
silica mass fractions: 0 (A), 30 (B), 60 (C) phr, and an unfilled sample free of ZnO (E) were studied in
this work. The sample list and the silica filling degree are specified, respectively, in Tables 1 and 2.
After the milling process, the slabs were cured by compression-molding vulcanization at 170 ◦C for
10 min in a hydraulic press, and square sheet samples of thickness ~0.7mm were obtained.

Table 1. Composition of investigated samples. From left to right column the complexity is decreased.
The compositions are given in parts per 100 g rubber (phr).

Component phr

Sample C
(60 phr)

Sample B
(30 phr)

Sample A
(unfilled)

Sample E
(unfilled, no ZnO)

SBR 137.5 137.5 137.5 137.5

Antioxidant 0.75 0.75 0.75 0.75

Oil 2 2 2 2

Activator 3 3 3 -

Silica 1165MP 60 30 - -

Silane Si266 4.8 2.4 - -

Antioxidant 1.75 1.75 1.75 1.75

Antioxidant 0.5 0.5 0.5 0.5

ZnO 2.5 2.5 2.5 -

Sulfur 0.8 0.8 0.8 0.8

Accelerator 2.4 2.4 2.4 2.4

Accelerator 1.5 1.5 1.5 1.5

Table 2. Silica content in the different samples. phr is parts per 100 g of rubber.

Sample Total phr Spec Gravity Silica phr
Silica Density

(g/cm3)
Silica

Volume Fraction (φ)

C 217.5 1.14 60 2.2 0.143

B 185.1 1.07 30 2.2 0.079

A 152.7 0.98 0 2.2 0

E 147.2 0.97 0 2.2 0
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2.2. Small Angle X-Ray Scattering (SAXS)

SAXS experiments were performed at ID02 [26], ESRF, (Grenoble, France) at detector distances 31,
8, and 2 m and at a wavelength 1 Å. The usable scattering vector q, defined as q = 4π

λ sin θ2 , extended
from 5 × 10−4 < q < 0.4 Å−1. θ is the scattering angle. The q-range differs along x and y direction due to
the asymmetric beam stop. 2D data were binned to 1920 × 1920 channels with 0.09 × 0.09 mm2 width.
They were corrected for empty beam, dark current, and radially averaged (where possible) using
standard procedures of the beamline. Absolute scattering intensities in [cm−1] units were obtained by
calibration with the scattering of water at room temperature. A background, which was assigned to
the left wing of the amorphous halo, was subtracted linearly as only data up to roughly q = 0.1 Å−1

were used. For reference sake, sample E was re-measured and calibrated independently vs. a glassy
carbon standard at the University of Erlangen. Intensities were found to match in excellent agreement.

2.3. Small Angle Neutron Scattering (SANS)

SANS experiments were conducted at the KWS-2 diffractometer of MLZ, (Garching, Germany)
using three detector distances of respectively 20, 8, and 2 m at a wavelength of 10 Å. The scattering vector
range spanned between 1 × 10−3 < q < 0.4 Å−1. 2D-detector data were obtained in 142 × 142 channels
of 8 × 8 mm2 width. The wavelength distribution Δλ

λ was 10%. For the absolute scaling to [cm−1]
the incoherent scattering level of a secondary standard Plexiglass was used. The two-dimensional
data in 142 × 142 channels were corrected pixelwise for empty beam scattering, detector sensitivity,
and background noise using B4C as beam blocker and subsequently radially averaged. In the case
of anisotropic scattering patterns, sectors with total opening angles of 10◦ along the main axes of the
anisotropic patterns were applied to the scattering patterns. The incoherent background arising from
the hydrogenous polymer fraction and the other additives was determined from the high q-range and
was found to be in good agreement with the estimated incoherent scattering. Likewise, as for SAXS,
sample E was re-measured and put to an absolute scale at the KWS-3 diffractometer of MLZ using the
direct beam method. Moreover, here, the calibrated intensities of KWS-2 and KWS-3 matched ideally.

3. Results

The scattering model approach used in this work is developed for the non-filled samples with
and without ZnO and further extended to the case of filled systems. Due to the strong scattering of
the ZnO catalyst, this component cannot be neglected in the analysis despite its irrelevance in the
reinforcing mechanism and mechanical performance of the rubber. It leads, therefore, to treatments
that necessarily involve its structure. Although the matrix is ideally expected to contribute as a simple
background to the scattering of filled rubbers, it is known that inhomogeneities due to the crosslinks
possibly lead to an additional contribution [13,14]. This contribution is normally observed in the lowest
q region as a characteristic power law. The pure vulcanized SBR/oil sample has often been modeled
then by means of a classical Ornstein-Zernike approach in analogy to the case of a semi-dilute polymer
solution or swollen gel assuming that the processing oil acts as a contrast agent for the meshes of the
network [25]. In the presence of the curing activator, on the other hand, at low q ZnO nanocrystals or
domains could become visible due to their strong and different contrast with the embedding matrix
and at high q they might exhibit Bragg peaks. The overall dimensions of the ZnO crystals could be
estimated in principle with an additional contribution taken into account by a Debye-Bueche law.
In the literature, the simple incoherent superposition of Ornstein-Zernike and Debye-Bueche laws
was applied on a regular basis with limited success [25,27–29]. However, the estimation of the ZnO
contribution to the total scattering could be more complex due to its interaction with other components
of the mixture as sulfur and accelerators, which can be absorbed on the ZnO particles surface. These
interactions could lead to a different average contrast between the ZnO and the matrix and possibly to
a non-negligible deviation from the incoherent sum of two contrast-weighted partial structure factors.
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The coherent scattering intensity of a general three-component mixture I(q) is theoretically
written as

I(q) =
n=3∑
i, j=1

ρiρ jSij(q) (1)

where the pre-factors of the partial structure factors Sij(q) are their scattering length densities ρi,ρ j
(here abbreviated as SLD). The total scattering function is then defined as a linear combination of all
partial structure factors resulting from all the intra (Sii) and inter-component (Sij) correlation functions.
The approach is first applied to the determination of different contributions in non-filled samples,
which can be approximated to two- and three-components systems. In the following section, we
discuss first the case of the unfilled rubber and generalize the same concept then to the reinforced case.

3.1. The Unfilled Case

In the following section, the polymer-based approach will be applied to the description of the
scattering function of an unfilled rubber. Sample E consists of the rubber mixture but was vulcanized
without ZnO. The SBR and oil constitute then a classical two-component system. On the contrary,
Sample A is already a three-component but two-phase mixture containing SBR polymer, processing
extender oil, and ZnO. The other curing agents can be neglected in scattering evaluations. Taking
sample A as the working example in further treatment and making use of the incompressibility
condition, one obtains for the intensity [25]:

I(q) =
(
ρpol − ρoil

)2
Spol + (ρZnO − ρoil)

2SZnO + 2
(
ρpol − ρoil

)
(ρZnO − ρoil)Spol−ZnO (2)

Where ρpol, ρoil and ρZnO are the SLD for the matrix, oil, and ZnO, respectively. Here, the oil
is considered as the background component (or solvent in the polymer-based approach). Spol, SZnO
are the partial structure factors respectively for the polymer and the ZnO while Spol−ZnO takes into
account the interaction between these two components. The q-dependence of the structure factors was
omitted for readability. The intensity from a background of oil does not appear explicitly therefore
in the q-dependent scattering functions. It can be easily seen that this general three-component
treatment for sample A can be simplified to obtain the case of sample E. If no ZnO is present in
the compound, then the second and third term of the equation vanish, and the intensity for the

resulting two-component system is written in the usual well-known form as I(q) =
(
ρpol − ρoil

)2
Spol

For sample E, the incompressibility condition leads to ∅pol +∅oil = 1. ∅ corresponds to the volume
fraction of the components. The scattering contrast remains, therefore, a delicate fitting parameter.
For sample A, within the approximation that only the main components contribute to the scattering
function, the following condition is valid: ∅pol +∅oil +∅zn = 1. The small amount of activator allows
neglecting interactions between neighboring ZnO nanocrystals. Therefore, the scattering contribution
of the activator could ideally be described in terms of a particle form factor. Furthermore, the low
concentration, as well as the non-specific interaction of the inorganic ZnO particles with the oil or
SBR, are very good reasons to neglect also the cross-term Spol−ZnO in the scattering equation of the
three-component system [12,25,29,30] which is then reduced to:

I(q) =
(
ρpol − ρoil

)2
Spol + (ρZnO − ρoil)

2SZnO) (3)

This approximation applies to sample A containing less than 1% of ZnO (2.5phr). However,
the contrast factors in this solid cross-linked or vulcanized mixture differ from those of the system
in which ZnO would be considered as one component in an effective matrix of SBR and oil due to
interaction with the curing package. The subtraction of SZnO from the scattering function is, therefore,
not straightforward and requires an estimation of the contrast factors involved. Moreover, the size of
the particular ZnO component is a pre-requisite for adequate correction. Different scenarios could
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determine the effect of the ZnO on the scattering function of the filled rubber. In the case of large
ZnO particles, the Guinier regime of this component is expected at too small scattering vectors q.
The only contribution would, therefore, be its surface scattering with its approximately observed
characteristic q−4 slope in addition to the Ornstein-Zernike behavior expected for the rubbery matrix.
This particular q−4 at a low scattering vector occurs in the case of smooth particles that have a
well-defined flat and strong interface with the surrounding matrix. In the case of rough or fractal
surfaces, however, the detected power law would differ from −4. The power law exponent X depends
on the surface fractal dimension Ds by X = (6 −Ds). On the other hand, if the mixing and milling
process results in better dispersed, relatively small ZnO particles, their form factor would interfere
with the scattering contribution resulting from the fillers and corrections that require the estimation of
contrast factors become necessary. Unlike a SVD method based on a number of contrast parameters that
exceeds the number of unknown partial structure factors [12–14,23,27,29,30], in our particular case, it is
impossible to induce additional contrast factors into a cross-linked rubber without a previous labeling
of components by, e.g., deuteration and inevitably leading to intrinsically different samples [25]. For
this reason, the decomposition of the measured signal intensity has been performed using a linear
combination of experimental data obtained by X-ray and neutron scattering measurements applied to
the same sample. Due to the different contrast factors in the two experiments, the partial structure
factors for fillers and ZnO can be extracted for each q in analogy to the SVD approach. The resulting
set of two linear equations with two unknowns, i.e., the partial structure factors can be solved exactly.
On the other hand, the merging of SANS and SAXS data into one evaluation may be affected by the
different q-resolution of the two methods. Especially in the case of SANS, resolution and polydispersity
effects are fully correlated. In the lowest q range, this does not affect the data. Resolution- and
non-resolution corrected data differ only in the order of 2%–3% and do not influence the results. As
such, the determination of the scattering functions strongly depends on the quality of the absolute
calibrations as well as on the correct evaluation of the SLD parameters for all the components taken
into account within this approximation. Therefore, absolute care in the absolute normalization of the
intensities is important.

In our presented approach, the partial form factors result from the exact solution of a system of
two linear equations. For sample A the expression of Spol and SZnO is given by:

Spol =
(ρZnO − ρoil)

2
XIAN − (ρZnO − ρoil)

2
N IAX(

ρpol − ρoil
)2
N
(ρZnO− ρoil)

2
X −

(
ρpol − ρoil

)2
X
(ρZnO − ρoil)

2
N

(4)

SZnO =

(
ρpol − ρoil

)2
N

IAX −
(
ρpol − ρoil

)2
X

IAN(
ρpol − ρoil

)2
N
(ρZnO − ρoil)

2
X −

(
ρpol − ρoil

)2
X
(ρZnO − ρoil)

2
N

(5)

The indices N and X stand for neutron and X-ray, respectively. IAN and IAX correspond to the
experimentally measured absolute intensities of sample A in both N and X case. They are corrected
for instrumental backgrounds of any source (see Experimental). It is obvious that the contrasts as
weighting factors are of extreme importance in further evaluation. Therefore, SLDs of the components,
as well as the consistency of absolute calibration of intensities, have to be verified with the greatest care.
We remind that the structure factor is defined as S(q) = φ V P(q) with V the volume of the scattering
entity and P(q) its q-dependent form factor [25]. The weighed subtractions in Equations (7) and (8)
were obtained in the common SANS q- range after a cubic spline was fitted to the SAXS data.

3.2. Contrast Considerations

As discussed above, deriving accurate partial structure factors of single components that give rise
to the experimental scattering intensity requires accurate estimations of the contrasts of the particular
components in the mixtures. Contrast is generally defined as the square of the difference in scattering
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length densities (SLD) between two scattering entities. Whereas for neutrons the scattering length b is
a nuclear property, for X-rays the equivalent parameter is a function of the electronic number of the
component. The SLD is then the sum of the scattering lengths per volume and is defined for neutrons

and X-ray respectively as: SLDN =
∑n

i=1 bi
Vmolecule

, SLDX =
∑n

i=1 ei
Vmolecule

re where n is the number of atoms of type
i and e is the number of electrons. re is the radius of the electron, 2.8 × 10−13 cm.

The calculated parameters for the relevant components using the available chemical information
are summarized in Table 3.

Table 3. Mass densities and scattering length densities for the most significant components of the
mixture (amount > 2.5 phr). Only for SBR, the experimental value for the SLD in the case of X-rays was
optimized against experimental data (see text).

Component
Mass density

g/cm3
SLD neutron

cm−2
SLD X-ray

cm−2 Remarks

Oil 0.94 1.036 × 1010 8.70 × 1010 C7.4H8.4

SBR 0.95 0.910 × 1010 8.46 × 1010 opt.
C5.6H6.8

40% styrene

Silica 2.10 3.320 × 1010 17.9 × 1010 Solvay
165 m2/g

ZnO 5.60 4.760 × 1010 43.3 × 1010 BET 5m2/g

Coupling agent
Silane (Si 266) 1.03 0.149 × 1010 9.54 × 1010 C18H42O6S2Si2

Filled rubber samples 0.95
SBR/oil/silane:

v/v fractions

Effective Matrix (B)
Effective Matrix (C)

0.929 × 1010

0.905 × 1010
8.546 × 1010

8.576 × 1010
0.71/0.27/0.02
0.69/0.26/0.05.

The contrast factors between the significant components were then estimated on the basis of the
calculated SLD and are reported in Table 4. Sample E, considered as an ideal two-component system
was used to verify the estimated contrast factors with the experimental scattering intensities. Whereas
the SLD of SBR and the corresponding contrast of SBR-to-oil in sample E is in good agreement for the
SANS case, a clear discrepancy was observed in SAXS, which led to higher-than-expected intensities.
Doubts about the absolute calibrated intensity levels can be excluded, however, in view of the elaborate
cross-references at different large-scale facilities. The reason for the reversed intensity order is then to
be sought in the assumptions about the components.

Table 4. Contrasts for SANS and SAXS analysis.

Neutron Contrasts [cm−4] Oil SBR Silica ZnO

Oil -

SBR 1.58 × 1018 -

Silica 5.22 × 1020 5.81 × 1020 -

ZnO 13.87 × 1020 14.82 × 1020 2.07 × 1020 -

Filled rubber samples - - B: 5.72 × 1020

C: 5.83 × 1020
B: 14.67 × 1020

C: 14.86 × 1020

X-ray
contrasts [cm−4]

Oil SBR Silica ZnO

Oil

SBR 5.76 × 1018 -

Silica 84.64 × 1020 89.1 × 1020 -

ZnO 119.7 × 1021 121.4 × 1021 6.45 × 1022 -

Filled rubber samples - - B: 87.50 × 1020

C: 86.94 × 1020
B: 120.8 × 1021

C: 120.6 × 1021

Deviations can also be partly due to uncertainties in the thickness of each sample, the statistical
and systematic errors of the data themselves, and the quality and intrinsic accuracy of the absolute
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calibrations. Inaccurate estimation of the SLD of SBR could be also due to the neglect of the components
present in phr amounts <2.5 phr. On the other hand, the SLD of the oil in both neutron and X-ray data,
calculated from the element analysis can be accurately determined.

To comply with the aforementioned higher SAXS intensity, the SLD of the SBR in the X-ray case
should then be 8.46× 1010 cm−4, i.e., lower by 4%–5% lower than the theoretical value. It is worth
noting that the SANS method is insensitive, in terms of contrast, to the alkane-like compounds of the
matrix. The coherent SLD contribution of a CH2 section is about 0 for SANS (bC = 6.65 fm, bH = −3.74
fm). This is not the case for SAXS where each atom always adds positively to the electron density.
Thus, the optimized value for SBR indicated in Table 4 is assumed to affect only SAXS intensities. The
silane component, used as a coupling agent in the filled samples, is in the same way involved in the
uncertainty of the SLD determination due to its reaction with both the silica and the polymer matrix.
In our estimation, we assume that it is distributed evenly in the matrix.

3.3. The Filled Case

The previous relations and considerations applied to the case of unfilled silica rubbers. In the more
interesting case of silica-filled systems, the former three-component system now evolves to at least a
four-component mixture. A further complication, besides the addition of silica, in the decomposition
of the intensities of samples B and C (30 and 60 phr silica, respectively) stems from the presence of
the silane component used as a coupling agent. For this reason, the estimation of the contrast factors
is based on the estimation of an effective SLD of the matrix including the silane weighted volume
fraction. We then obtain again workable equations like before. As in the case of the non-filled rubbers,
we neglected all other ingredients with volume fraction below 2.5 phr as they contribute mainly to the
incoherent background. The scattering intensity for samples B and C can then be expressed in terms of
the partial contributions as:

I(q) =
(
ρsil − ρe f f

)2
Ssil +

(
ρZnO − ρe f f

)2
SZnO + 2

(
ρsil − ρe f f

)(
ρZnO − ρe f f

)
Ssil−ZnO (6)

Note the similarity with Sample A, whereas now the effective matrix replaces the oil. Again,
the cross term appearing in Equation (6) can be neglected due to the low fraction of ZnO, leading
to negligible correlations with silica. The partial form factors can then be expressed using the same
approach as before:

Ssil =

(
ρZnO − ρe f f

)2
X

IN −
(
ρZnO − ρe f f

)2
N

IX(
ρsil − ρe f f

)2
N

(
ρZnO − ρe f f

)2
X
−
(
ρsil − ρe f f

)2
X

(
ρZnO − ρe f f

)2
N

(7)

SZnO =

(
ρsil − ρe f f

)2
N

IX −
(
ρsil − ρe f f

)2
X

IN(
ρsil − ρe f f

)2
N

(
ρZnO − ρe f f

)2
X
−
(
ρsil − ρe f f

)2
X

(
ρZnO − ρe f f

)2
N

(8)

where ρsil and ρe f f are respectively the SLD for silica and effective matrix including the silane
component. In this way, the relevant structure factors of both contributing components can be extracted.
A similar approach is lacking up-to-now in the literature. For the first time, microscopic details of the
mixing process and/or vulcanization process in a reactive mixture could be accessible.

While interparticle interactions can be excluded for ZnO as well as interactions between the ZnO
activator and silica filler particles, the same assumption cannot necessarily be applied to the silica
particles. Ssil as the cluster form factor generally consists of the product of a particle form factor with
an intra-cluster and even an inter-cluster structure factor taking into consideration the interaction
between them as we recently showed [31]. However, the full description of the hierarchical structure
of the fillers is out of the scope of this work. Here, the decomposition of the different contributions in a
mixed-filler system and the evaluation of the ZnO effect is in the foreground.
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In order to obtain a common q- range and identical step size between the data points for X-ray and
neutron results and allow the weighed subtractions in Equations (7) and (8), a cubic spline is applied
to the SAXS data.

4. Results and Discussion

First, the unfilled samples are analyzed. Figure 1 shows the comparison between absolutely
calibrated total SANS and SAXS results obtained for samples E and A, before the subtraction of the
incoherent background. For sample A, the contribution of 2.5 phr ZnO is immediately evidenced by a
~ 10-fold increased intensity between A and E and an associated different q-dependence in the q-range
10−3 < q < 10−2 A−1 and a crystalline Bragg peak around 0.15 A−1.

Figure 1. Absolutely calibrated SAXS (black) and SANS (green) data for samples E (left) and A (right).
The data are not background-corrected.

In Figure 2, we compare extracted Spol and SZn0 with the SAXS intensities of sample A and E. The
contribution of the ZnO form factor to the SANS curves results to be irrelevant as we show later. The
partial form factors Spol and SZnO, respectively in red and orange, were shifted by an arbitrary factor
along the y axis for the sake of comparison with the experimental data.

Figure 2. Partial structure factors Spol (red) and SZnO (orange) as derived from sample A in comparison
with absolutely calibrated SAXS data for samples A (black) and E (green). Spol was arbitrarily shifted to
be compared with sample E.

The figure shows that the scaled Spol as derived from sample A is perfectly congruent with the
intensity of sample E, leading to the conclusion that—maybe unexpectedly—the vulcanization with
and without ZnO would not lead to differences in the matrix structure detectable by scattering in
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length scales smaller than ~3000 Å. On the other hand, SZnO shows a visible power law contribution
for q < 10−1, indicative for additional scattering to Spol.

The same approach defined for the extraction of the single contributions from the total scattering
function can be transferred to the case of the filled samples.

Going to filled rubbers, Figure 3 shows a comparison between the SAXS and SANS averaged
scattering intensities obtained for samples B and C (respectively, 30 and 60 phr silica). Besides the
different absolute intensity and q-range due to instrumental factors, SANS and SAXS curves show
different low-to-intermediate q < 0.01 Å−1 behavior. In addition, it can be seen that for q > 0.01 Å−1 the
silica particle structure dominates in both SAXS and SANS.

Figure 3. Experimental SANS and SAXS data in absolute intensity units cm−1 for the ZnO-containing
filled rubbers, sample B (left) and sample C(right). The number of data points of the ultrahigh-resolution
SAXS data was about 4500 and was reduced to a SANS-compatible lower resolution of about 350 data
points by means of a cubic spline fitting procedure.

The power law exponent in this scale range differs from −4 and stands for a deviation from the
ideal spherical particle behavior. The value of approximately −3.7 observed here was also found in the
literature for the same type of silica particles. Since this slope is not affected by particle polydispersity
it indicates a rough silica surface. For the SANS data of sample C a closer inspection of the lower q
< 0.01 Å−1 reveals a power law region which is the signature of silica aggregates with a mass fractal
dimension of ~2.2 and an onset of a Guinier plateau is seen. In sample B a Guinier region cannot be
detected due to the obvious formation of larger clusters. This finding corroborates the finding that
the cluster size decreases when the filling degree is increased. In addition, some orientation seems
to be visible in the higher filling degree sample (C), and therefore, the data must be analyzed along
two perpendicular directions. We have selected only the vertical direction as it allows obtaining lower
q-values due to the horizontal alignment of the beam stop stick in SAXS.

Besides the different extension in the q-range due to instrumental factors, the SAXS data show
in both cases a shallow peak or shoulder around q ~ 4 10−3 Å−1, which cannot be seen in the SANS
results. This is attributed to ZnO, which has a much stronger contribution in the X-ray intensity than
in the neutron data, as already observed for the unfilled rubbers. Interestingly, sample C presents a
more pronounced peak with respect to sample B, probably due to the lower contribution of the smaller
clusters to the scattering function. In Figure 4, the partial contributions SZnO and SSil are multiplied by
the contrast factors, as shown in Equation (6) and the experimental SAXS intensities are re-constructed.
ZnO contributes to 10% to the total intensity for sample B (30 phr) but amounts to ~50% for C. The
scattering at high q is fully determined by silica and consolidates a rather particle-like morphology for
ZnO, its form factor dropping with q−4.
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Figure 4. Experimental SAXS data in absolute intensity units cm−1 for samples B (30 phr) (left) and C
(60 phr) (right). Partial form factors for silica (Spol, red) and ZnO (SZnO, blue) were multiplied by the
contrast factors to re-construct the intensity.

In addition and as anticipated, the power law exponent of approximately −2, found in the
ultra-low q region of the SAXS data could be attributed to the connectivity of clusters into a network
when the volume fraction is increased above their percolation threshold [2–4].

Except for these observations, however, the main result and highlight of this first decomposition of
SAXS intensities in partial structure factors is the important extraction of the scattering contribution of
minute amounts of ZnO and some microscopic details from a clear q-dependence. A comparison with
Figure 5 showing the same decomposition for SANS data, highlights that due the different contrast,
the contribution of ZnO to the total scattering intensity is about two orders of magnitude lower than
the one of the silica. However, even the catalytic content of ZnO impedes the analysis in the full q
range since the intensity of the extracted partial structure factor drops very fast to below the sensitivity
limit of the SAXS or SANS machine. Both SANS curves highlight that the main contribution comes
almost entirely from silica. The catalyst has an almost negligible effect on the scattering profile. In
SAXS, however, both partial intensities contribute to almost the same amount.

Figure 5. Experimental SANS data in absolute intensity units cm−1 for samples B (30 phr) (left) and C
(60 phr) (right). Partial form factors for silica (Spol, red) and ZnO (SZnO, blue).

Thus, this analysis allowed us to evaluate the total scattering intensities as the sum of contributions
of 2 components, similar to the case of a dual filler system. The structure of both in the mixture, as well
as their mutual influence, can thereby be captured.

Let’s first discuss ZnO. The stronger effect of the ZnO contribution in sample C over B is tentatively
correlated to a simultaneous decrease of the silica contribution of smaller clusters.

The structure of ZnO, i.e., their q-dependence in the filled rubbers is, however, very different in
comparison to that, extracted from the unfilled sample, as shown in Figure 6. In the case of sample A,
the full scattering range could be accessed, and a typical power-law-like behavior as for silica is found.
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The slope at high q is close to −3.8 and indicates some deviation from smooth spherical behavior.
Interestingly, the ZnO partial structure factor extracted from sample A does not exhibit any Guinier-like
behavior at the lowest q, as shown by samples B and C. This indicates that either large ZnO clusters are
formed in the case of the unfilled rubber in comparison to the silica-filled ones, which prevent the
appearance of the Guinier region in the accessible q-range, or huge micron-sized strongly polydisperse
and rough particles are still present, the size of which is larger than R > 1/qmin =1000 Å =0.1 μ.

Figure 6. Partial structure factors for ZnO extracted from sample A (black), B (cyan), and C (magenta),
and theoretical calculation of a spherical particle form factor (blue line).

The situation is entirely different if ZnO is mixed into the rubber together with a much larger
amount of silica. Figure 6 clearly shows that after the mixing and vulcanization rather monodisperse
single ZnO particles are dispersed, although the high q region cannot be detected precisely anymore.
We confirm this by comparing with a calculation of a monodisperse particle form factor (blue line
in Figure 6). The computed intensity of a single ZnO particle follows in reasonable agreement the
calculated spherical form factor, i.e., the Guinier plateau and the characteristic steep drop of the order
of about 100 at q ~ 0.01 Å−1, i.e., qR ~ 4.5. The silica nanofillers, therefore, seem to affect the size of the
ZnO nanocrystals and/or their aggregation. This could be explained considering the different shear
forces imposed on the sample during the milling process. Such forces typically increase due to the
presence of silica fillers in the rubber, which increase the melt viscosity by orders of magnitude and
lead to a break-down of ZnO aggregates or crystals.

In order to compare the size of silica aggregates and ZnO species in the filled samples, the low q
scattering for both silica and ZnO partial structure factors is presented in a Guinier-type representation
in Figures 7 and 8. The slopes are then related to –R2

g/3.
Next, silica is discussed. For the silica-extracted form factor, shown in Figure 7, an average radius

of gyration Rg can be determined only for sample C because sample B does not exhibit a Guinier-like
behavior or is more polydisperse. A cluster size of about 280 Å is obtained from the linear fit of the
Guinier plot of Ssil(q) and an increase is expected with a lower volume fraction. However, it has to be
taken into account that the extraction of the silica cluster size from the Guinier-like description consists
also of an approximation, as sample C does show a deviation from the simple Guinier behavior at low
q. This extrapolation neither takes into account the polydispersity nor the interactions between the
clusters. A more precise estimation of the silica cluster sizes is out of the scope of this work. A fit to a
hierarchical scattering model is treated in a recently published work [31].

For samples B and C the extrapolation of the ZnO size, reported in Figure 8 yields almost
comparable sizes of about 450–480 Å. It could not be applied to the ZnO form factor extracted from
sample A as its low q-dependence clearly deviates from the Guinier behavior. Note that the maximum
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detectable size in the available q-range would approximately be ~1000 Å. Thus, the size of ZnO does
not differ considerably from the silica aggregates in the case of the filled samples. Therefore, we
infer that in the presence of silica, the processing conditions probably have a comparable effect on
the de-agglomeration or destruction of the ZnO granulates. Besides this, the values found for the
ZnO radius are comparable with the ones reported in the literature [22]. In other works, the size
determination by means of other techniques for ZnO dispersed particles ranged from 300 to 500 Å as
the result of the balance of fracture of aggregates and material resistance, i.e., intrinsic hardness in
milling processes [32,33].

Figure 7. Guinier extrapolation for the silica cluster radius for sample C (black). The fit cannot be
uniquely applied to sample B (green) due to the strong deviation from linearity.

Figure 8. Guinier extrapolation of the ZnO radius for sample C (black) and B (green). Sample A
(orange) clearly shows a deviation from the Guinier dependence.

5. Conclusions

We have shown that in industrially mixed rubber compounds a decomposition of the SAXS
scattering intensity into its single contributing components, i.e., silica and ZnO is possible. We showed
that SANS is hardly affected as it was postulated. The structure factor, the size and morphology of
the silica aggregates and of the ZnO nanocrystals as an additional element of analysis can now be
obtained. Latter strongly depends on the presence of silica during the mixing process. We observe
that ZnO in silica-free samples forms aggregates or is of the micron-size and is characterized by a
fractal surface. It appears to be structured on the same length scale as the silica filler. Therefore,
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a dependence of the size on the shear force exerted on the samples during the mixing process is
suspected. Furthermore, the size of the ZnO catalyst is nearly constant for filled samples containing
30 and 60 phr of silica. As a consequence of this study, corrections for ZnO scattering based on
computation with well-estimated contrast factors could be formulated. With estimates for the size
of the resulting particle and assumptions for the average SLD of the effective matrix for the contrast,
the contribution of SZnO can be calculated theoretically for standard SAXS analyses. The proposed
analysis is general and can be applied in the future to novel dual filler systems, which scatter both but
differently strong in both SANS and SAXS.
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Abstract: The magnetic response of the storage modulus for bimodal magnetic elastomers containing
magnetic particles with a diameter of 7.0 μm and plastic beads with a diameter of 200 μm were
investigated by varying the volume fraction of plastic beads up to 0.60 while keeping the volume
fraction of the magnetic particles at 0.10. The storage modulus at 0 mT for monomodal magnetic
elastomers was 1.4 × 104 Pa, and it slightly increased with the volume fraction of plastic beads up
to 0.6. The storage modulus at 500 mT for bimodal magnetic elastomers at volume fractions below
0.25 was constant, which was equal to that for the monomodal one (=7.9 × 104 Pa). At volume
fractions of 0.25–0.40, the storage modulus significantly increased with the volume fraction, showing
a percolation behavior. At volume fractions of 0.40-0.60, the storage modulus was constant at
2.0 × 105 Pa, independently of the volume fraction. These results indicate that the enhanced increase
in the storage modulus was caused by the chain formation of the magnetic particles in vacancies
made of plastic beads.

Keywords: soft material; stimuli-responsive gel; magnetic elastomer; percolation

1. Introduction

Magnetic elastomers are a type of stimuli-responsive soft material [1–5] and its physical properties
alter in response to magnetic fields. The magnetic response for a magnetic elastomer is in general
drastic; therefore, the material attracts considerable attention as actuators in the next generation of
materials [6–8]. Magnetic elastomers consist of polymeric matrices, such as polyurethane, and magnetic
particles with nano or micron sizes in diameter. When a magnetic field is applied to a magnetic
elastomer, the elasticity increases due to the chain structure formation (restructuring) of magnetic
particles, which is called the magnetorheological (MR) effect. So far, we have investigated the MR
effect for polyurethane-based magnetic elastomers and found that bimodal magnetic elastomers
with magnetic and nonmagnetic particles exhibit a significant MR effect compared with monomodal
magnetic elastomers [9–13].

In our past studies, zinc oxide with a diameter of 10.6 μm or aluminum hydroxide with a diameter
of 1.4 μm was used as nonmagnetic particles [9,11]. The increase in the storage modulus for bimodal
magnetic elastomers containing zinc oxide particles of 12 vol.% was 500 kPa, which was achieved by
applying a magnetic field of 500 mT, which is 4.2 times that used for the monomodal one (120 kPa) [9].
The increase in the storage modulus for bimodal magnetic elastomers containing aluminum hydroxide
particles of 6.6 vol.% was 3.27 MPa, which is 4.3 times that used for the monomodal one (754 kPa) [11].
Figure 1 shows the schematic illustrations representing the mechanism for the MR effect for bimodal
magnetic elastomers in our previous study and the scenario for that in the present study. In the previous
study, the enhanced magnetorheology mentioned above is caused by bridging the discontinuous chains
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of magnetic particles with nonmagnetic particles. However, this mechanism is not efficient since a
considerable amount of nonmagnetic particles is needed to raise the elasticity of magnetic elastomers.

 
Figure 1. Schematic illustrations representing the mechanism for the magnetorheological (MR) effect
for bimodal magnetic elastomers in our previous study and the scenario in the present study.

In our present study, we proposed a new concept for the enhanced magnetorheology of bimodal
magnetic elastomers. A large bead of poly(methyl-2-methylpropenoate) (PMMA) with a diameter of
200 μm was used as a non-magnetic particle. The diameter of the bead was large, and the interaction
with the matrix of polyurethane was weak compared with nonmagnetic particles in past studies.
Beads with a large diameter made vacancies in the magnetic elastomer, and magnetic particles were
localized in the vacancies made of the plastic beads. The density of the plastic was low compared
with inorganic compounds; therefore, the beads were not precipitated during the synthesis; this
contributed to the random dispersion of vacancies in the elastomer. Bimodal magnetic elastomers with
plastic beads also have advantages of transparency and weight saving. The density of zinc oxide and
aluminum hydroxide is 5.8 and 2.4 g/cm3, respectively, meanwhile, the density of the plastic bead was
1.2 g/cm3. Magnetic elastomers with both a lightweight and huge magnetic response could be obtained.
Bimodal magnetic elastomers with plastic beads have a possibility to transmit visible light, although
the light may reflect at the interface between the matrix and plastic beads. This should be helpful for
biologists or medical scientists who investigate the effect of substrate elasticity on the cell behavior
using magnetic elastomers [14].

Here, we prepared bimodal magnetic elastomers with various volume fractions of plastic beads
while keeping the volume fraction of magnetic particles constant, and discuss the addition effect of
plastic beads on the magnetic response, the transmissibility of visible light, and weight saving.

2. Experimental Procedures

2.1. Synthesis of Magnetic Elastomers

Polypropylene glycols (P2000, G3000B, Adeka Co., Tokyo, Japan) with molecular weights of
Mw = 2000 and 3000 were used for the matrix of magnetic elastomers. Tolyrene diisocyanate (Wako
Pure Chemical Industries. Ltd., Osaka, Japan) and dioctyl phthalate (DOP, Wako Pure Chemical
Industries. Ltd., Osaka, Japan) were used as a crosslinker and plasticizer, respectively. Carbonyl iron
with a median diameter of 7.0 μm (CS Grade BASF SE., Ludwigshafen am Rhein, Germany) was used
for magnetic particles. The saturation magnetization of carbonyl iron particles was 190 emu/g measured
using a SQUID magnetometer (MPMS, Quantum Design Inc., San Diego, CA, USA). Plastic beads
made of polymethylmethacrylate (PMMA) (Techpolymer, MBX-200, Sekisui Plastics Co., Ltd., Tokyo,
Japan) with a mean diameter of 200 μm were used as nonmagnetic particles. Magnetic elastomers
were synthesized using a prepolymer method. Polypropylene glycols are crosslinked with tolyrene
diisocyanate. The concentration of the crosslinker remarkably affects not only the off-field modulus,
but also the magnetorheological response. The molar ratio of –NCO to –OH group for the prepolymer
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was constant at 2.01 (=[NCO]/[OH]). Magnetic particles and plastic beads were mixed with prepolymer,
linear polymer, plasticizer, and catalysis. The mixed liquid was poured into a silicon mold and cured for
30 min at 100 ◦C. DOP has a good chemical affinity with polypropylene glycols, which is a good solvent
for crosslinked PPG elastomers. Similar to the crosslinker concentration, the concentration of the
plasticizer strongly affects both the off-field modulus and the magnetorheological response. The weight
concentration of DOP to the matrix without magnetic particles was fixed at 60 wt.%. The densities of
the magnetic particles and plastic beads were 7.57 and 1.20 g/cm3, respectively. The volume fraction of
magnetic particles was kept at 0.1; meanwhile, for plastic beads, it was varied from 0.10 to 0.60.

2.2. Dynamic Viscoelastic Measurement

Dynamic viscoelastic measurements were carried out for magnetic elastomers using a rheometer
(MCR301, Anton Paar Pty. Ltd., Graz, Austria) at 20 ◦C. The strain was varied from 10−5 to 1 and
the frequency was kept at 1 Hz. The sample was a disk that was 20 mm in diameter and 1.5 mm in
thickness. The normal force initially applied to the magnetic elastomer was approximately 0.3 N.

2.3. SEM Observation

The shape of the magnetic and nonmagnetic particles in the powder state and the particle
morphology for monomodal and bimodal elastomers were observed using scanning electron microscopy
(SEM, JCM-6000 Neoscope JEOL Ltd. Tokyo, Japan) with an accelerating voltage of 15 kV without a
Au coating. SEM photographs for magnetic particles and plastic beads (nonmagnetic particles) are
presented in Figure 2.

Figure 2. SEM photographs for (a) magnetic particles and (b) plastic beads (nonmagnetic particles).

3. Results and Discussion

Figure 3a exhibits the magnetic field response of the storage modulus at a strain of 10−4 (in the
linear viscoelastic regime) for monomodal and bimodal magnetic elastomers containing plastic beads.
A magnetic field of 500 mT was applied to the magnetic elastomers every 60 s. It was observed for
all magnetic elastomers that the storage modulus was altered synchronously with the magnetic field,
and completely recovered to the original modulus after removing the field. The storage modulus for
bimodal magnetic elastomers at φPB < 0.3 rapidly increased due to the application of the magnetic field.
This result coincided with our previous study showing that the alignment time improved by adding
aluminum hydroxide nonmagnetic particles [11]. Meanwhile, at φPB > 0.35, the storage modulus
gradually increased with time and it was not saturated within 60 s. It is considered that only magnetic
particles move and form a chain structure at φPB < 0.3. At φPB > 0.35, large plastic beads moved,
accompanying the movement of the magnetic particles, resulting in long relaxation time.
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Figure 3. Magnetic field response of the storage modulus at strains of (a) 10−4 and (b) 1 for monomodal
and bimodal magnetic elastomers containing plastic beads with various volume fractions.

Figure 3b demonstrates the magnetic-field response of the storage modulus at a strain of 1 (in the
non-linear viscoelastic regime) for monomodal and bimodal magnetic elastomers containing plastic
beads. Similar to the results at low strain, all magnetic elastomers responded to the magnetic field
at high strain. However, the time development of the storage modulus was opposite at high strain.
A gradual increase of the storage modulus with time was observed for monomodal and bimodal
magnetic elastomers with φPB < 0.3, and a rapid increase of the storage modulus with time was
observed for bimodal magnetic elastomers with φPB > 0.35.

Figure 4a depicts the storage modulus at 10−4 for monomodal and bimodal magnetic elastomers
as a function of the volume fraction of plastic beads. The storage modulus at 0 mT was almost constant,
although the volume fraction of the plastic beads increased. In general, when the volume fraction of
fillers was high, the storage modulus for the composite elastomers was higher than that for the matrix.
The low storage modulus seen at φPB = 0.60 indicated that the plastic beads were randomly dispersed
in the elastomer without direct contact between the beads. Of course, the interfacial effect between the
matrix and plastic beads with a large diameter should be negligibly small compared with the small
particles being several microns in size. Actually, when a plastic bead with a diameter of 8 μm was
used, the storage modulus at 0 mT for the bimodal magnetic elastomer at φPB = 0.60 was 3.6 × 105 Pa,
which was far higher than that for the elastomer with large particles. In addition, the change in the
storage modulus was very small and negative. This strongly indicated that the total interfacial area was
dominant for the storage modulus of magnetic elastomers, i.e., the storage modulus could be raised by
increasing the interfacial area, even though the interfacial interaction between the matrix and plastic
beads was weak. The storage modulus at 500 mT for bimodal magnetic elastomers was equal to that of
the monomodal one, and it was almost independent of the volume fraction at φPB < 0.25. This behavior
was unusual, and it indicated that bridging did not occur between discontinuous chains of magnetic
particles via plastic beads, even though the volume fraction of plastic beads was considerably high.
At 0.25 < φPB < 0.40, the storage modulus significantly increased with the volume fraction of the
plastic beads. It was considered that the magnetic particles bridged the gap between the plastic beads.
An interesting thing was that the significant increase in the storage modulus was only seen at 500 mT
and did not appear at 0 mT. In addition, the influence of the matrix elasticity on the magnetorheological
effect was investigated. The storage modulus for polyurethane elastomers with (φPB=0.40) and without
plastic beads was (3.8 ± 0.35) × 104 Pa and (3.3 ± 0.34) × 104 Pa, respectively.
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Figure 4. (a) Storage modulus at a strain of 10−4 at 0 and 500 mT as a function of the volume fraction
of plastic beads and (b) storage modulus as a function of φPB − φc

PB for monomodal and bimodal
magnetic elastomers.

Therefore, an important factor for the stress transfer between plastic beads is the chain structure
of magnetic particles, not the elasticity of the matrix. The onset volume fraction for the percolation is
considered to be 0.25 < φPB < 0.30, which is close to the value of the cite percolation for a body-centered
cubic structure (=0.248) [15,16]. Figure 4b shows the relation between the storage modulus and
the volume fraction of plastic beads (φPB − φc

PB) for bimodal magnetic elastomers. The storage
modulus at φPB > 0.25 obeyed a power low of G500~(φPB − φc

PB)0.64, although the critical exponent
was relatively high compared with that of a 3D lattice (≈0.4) [15,16]. Accordingly, the plastic beads
were packed in the structure of the body-centered cubic structure, and magnetic particles were filled
in the vacancies between the beads. At φPB > 0.4, the storage modulus was not raised, although
the volume fraction of plastic beads was increased. This indicated that the percolation possibility
reached a maximum at φPB ≈ 0.5, which was 74% of the maximum packing ratio for the lattice of a
body-centered cubic structure. It might be that the effective paths contributing to the storage modulus
were not increased at φPB > 0.4 due to the increase in the number of branches of the percolated paths.
Figure 5 exhibits the schematic illustrations representing the mechanism of the elasticity increase by the
magnetic field for bimodal magnetic elastomers with plastic beads with a large diameter. The distance
between the nearest neighbor beads was calculated to be 31 μm. Magnetic particles are forced to be
localized in the vacancy and form a chain structure by the magnetic field, for example, a qualitative
representation of the microstructure [17] and computed tomography images [18]. In our previous
study, the storage modulus for bimodal magnetic elastomers containing small nonmagnetic particles
(1.4 or 10.6 μm in diameter) gradually increased with the volume fraction of nonmagnetic particles,
and a clear percolation threshold was not observed. This strongly indicated that the chains of magnetic
particles were gradually connected via nonmagnetic particles with increases in the volume fraction
of nonmagnetic particles [9–11]. The mechanism presented here was completely different from that
observed in the past. Figure 5 also shows a realization of percolation behavior for bimodal magnetic
elastomers with plastic beads. Each white circle represents a plastic bead, and the black part represents
the magnetic elastomer, i.e., polyurethane and magnetic particles. The percolation of the stress between
the plastic beads occurred via chains of magnetic particles at φPB = 0.25. The percolation path increased
with the volume fraction of plastic beads at 0.25 < φPB < 0.40. At 0.40 < φPB < 0.60, both the percolation
path and the branch of the paths increased with the volume fraction.
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Figure 5. Schematic illustrations representing (left) the mechanism of the MR effect and (right) a
realization of percolation behavior for bimodal magnetic elastomers with large plastic beads.

Figure 6a,e indicates the SEM photographs for monomodal magnetic elastomers taken at different
magnifications. Figure 6e demonstrates the fact that no clear aggregations of magnetic particles were
found in the polyurethane matrix. However, the photo showed that there were two regions with
different concentrations of magnetic particles, i.e., densely and sparsely dispersed parts. This result
coincided with the previous results showing that carbonyl iron particles form secondary particles
within the polyurethane matrix when ultrasonication is not carried out [19]. Figure 6c,g displays the
SEM photographs for bimodal magnetic elastomers with plastic beads above the percolation threshold
(φPB = 0.4). It was clear that magnetic particles were localized in the vacancy made by plastic beads,
meaning the success of our scenario given that magnetic particles were gathered in a limited space.
The hole made by removing the plastic bead showed a very smooth surface, suggesting that the
interaction between the plastic beads and the matrix was weak (see Figure 6f). Figure 6d,h shows
the SEM photographs for bimodal magnetic elastomers containing plastic beads with the maximum
volume fraction (φPB = 0.60). It was clearly observed that magnetic particles were distributed in
the vacancy.

Figure 6. Cont.
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Figure 6. SEM photographs for (a,e) monomodal magnetic elastomers, (b–d,f–h) bimodal magnetic
elastomers with various volume fractions of plastic beads (b,f) 0.25, (c,g) 0.40, and (d,h) 0.60.

Figure 7 demonstrates the photographs representing the transparency and the density for bimodal
magnetic elastomers with plastic beads obtained in this study. The transparency for bimodal magnetic
elastomers with plastic beads (φPB~0.60) was compared with that for monomodal ones. The increase
in the storage modulus for the bimodal magnetic elastomer (=(8.00 ± 0.53) × 104 Pa) was equal to that
for monomodal one (=(7.1 ± 0.26) × 104 Pa). In this experiment, the volume fraction of the magnetic
particles was kept at 0.07 because the difference in the transparency for these elastomers was not clear
to see. The thickness of the monomodal and bimodal magnetic elastomers was approximately 180
and 290 μm, respectively. It was found that the paint, the mountain with snow, could only be seen
through the bimodal magnetic elastomer. The density for the bimodal magnetic elastomers with plastic
beads (φPB ≈ 0.4, 0.6) was also compared with that for a monomodal one. The increase in the storage
modulus was (2.7 ± 0.99) × 105 Pa for monomodal, (1.8 ± 0.01) × 105 Pa for bimodal with φPB ≈ 0.4 and
(1.9 ± 4.2) × 105 Pa for bimodal with φPB ≈ 0.6. The density was 2.11 g/cm3 for monomodal, 1.37 g/cm3

for bimodal with φPB ≈ 0.4 and 1.15 g/cm3 for bimodal with φPB ≈ 0.6. Weight saving of −59% was
achieved by creating the limited space in the magnetic elastomer. It was the case that the particle
distribution or the local rearrangement of magnetic particles [20,21] was considered and designed for
an efficient MR effect in the vacancy.

Figure 7. Cont.
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Figure 7. Photographs representing the transparency for monomodal and bimodal magnetic elastomers:
(a) original paint, and (b) monomodal, and (c) bimodal magnetic elastomers were put on the original
paint. (d) The density for monomodal and bimodal magnetic elastomers with plastic beads of φPB ≈ 0.4
and 0.6.

4. Conclusions

The magnetorheological response for bimodal magnetic elastomers with large plastic beads was
investigated. It was found that the increment in the storage modulus for the bimodal magnetic
elastomers was higher than twice that of the monomodal one. It could be considered that the enhanced
magnetorheology was caused by an efficient chain formation of magnetic particles in a vacancy made
by the plastic beads that packed into the body-centered cubic structure. In addition, it was found that
the bimodal magnetic elastomer could partially transmit natural light, although the clarity was very
low. At approximately half the weight of conventional elastomers, the bimodal magnetic elastomers
showed the same level of elasticity changes. We believe that the magnetorheological features presented
here are useful not only for applications but also for designing materials for new magnetorheological
elastomers with a high efficiency and multiple functions.
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Abstract: A random copolymer of isobutylene (IB) and 4-vinylbenzenecyclobutylene (4-VBCB) was
synthesized by cationic polymerization at −80 ◦C using 2-chloro-2,4,4-trimethylpentane (TMPCl) as
initiator. The laws of copolymerization were investigated by changing the feed quantities of 4-VBCB.
The molecular weight of the copolymer decreased, and its molecular weight distribution (MWD)
increased with increasing 4-VBCB content. We proposed a possible copolymerization mechanism
behind the increase in the chain transfer reaction to 4-VBCB with increasing of feed quantities
of 4-VBCB. The thermal properties of the copolymers were studied by solid-phase heating and
crosslinking. After crosslinking, the decomposition and glass transition temperatures (Tg) of the
copolymer increased, the network structure that formed did not break when reheated, and the
mechanical properties remarkably improved.

Keywords: cationic polymerization; 4-vinylbenzocyclobutene; random copolymer; crosslink

1. Introduction

Over the years, isobutylene (IB) has played a crucial role in cationic polymerization due to its
special structure. The living polymerization of IB has been realized, and researchers have also proposed
living-polymerization mechanisms [1–11]. Copolymers with different structures and functions are
obtained by the copolymerization of IB and other monomers [12–16]. Obtaining a functionalized
copolymer by introducing a specific monomer during IB polymerization is an important research
direction. Benzocyclobutene (BCB) and its derivatives are attracting considerable attention because of
their special thermal properties. As shown in Scheme 1, the BCB’s strained four-membered ring opens
when heated to >180 ◦C to form a high-activity intermediate, o-quinodimethane. This intermediate
can react with dienophiles through the Diels–Alder reaction, thereby forming a six-membered ring.
In the absence of dienophile monomers, the intermediate reacts with itself to form an eight-membered
ring or a homopolymer of BCB [17–20].

Similar to styrene, 4-VBCB is cationically polymerizable. The electronegativity of the aromatic ring
adjacent to the vinyl group of 4-VBCB stabilizes the vinyl secondary carbon to form a stable carbocation.
Therefore, 4-VBCB can be introduced into cationic copolymerization with IB. The vulcanization of
the copolymer of IB and 4-VBCB has significant advantages over the vulcanization of other IB-based
copolymers, such as IB–isoprene rubber and brominated IB-co-p-methylstyrene [14]. The crosslinking

Polymers 2020 , 12 , 201 ; doi:10.3390/polym12010201 www.mdpi.com/journal/polymers
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of 4-VBCB involves only heat and does not need the addition of a vulcanizing agent and an accelerator,
such as sulfur, zinc oxide, xanthates, and quinoid chemical reagents, which are harmful to the human
body and difficult to remove from the rubber matrix completely [21]. Therefore, the copolymer of IB
and 4-VBCB does not require the removal of small-molecule chemicals after crosslinking, and can be
autoclaved without considering the volatilization of toxic substances, which is a crucial characteristic
of biomedical materials.

 
Scheme 1. Thermal properties of benzocyclobutene (BCB) ring.

Many studies have been conducted on the excellent properties of BCB-functionalized
copolymers. The thermal and mechanical properties of BCB functional polymers and copolymers
are drastically improved, and the dielectric constant is reduced after the thermal crosslinking
reaction of the BCB ring. Therefore, the development of microelectronic materials exhibits
great potential. Yang et al. synthesized oligomer poly(DVS-BCB-co-POSS) through the Heck
reaction using 1,1,3,3-tetramethyl-1,3-divinyldisiloxane (DVS), BCB, and octavinyl-T8-silsesquioxane
(vinyl-POSS). This oligomer has good thermal stability and low dielectric constants [22]. So et al.
synthesized a copolymer of styrene and 4-VBCB through free radical polymerization and found
that BCB dramatically increases the Tg of polystyene after ring opening and crosslinking [23].
Huang et al. synthesized a copolymer containing BCB and silacyclobutane side groups with
low dielectric constants (approximately 2.30 MHz to 10 MHz) through atom transfer radical
copolymerization [24]. The thermal crosslinking of BCB can also be applied in the preparation of
nanoparticles. Sakellariou heated a poly(4-VBCB-b-butadiene) diblock copolymer in decane to induce
the crosslinking of poly(4-VBCB) segments in the micelle core and obtain surface-functionalized
nanospheres [25]. Harth prepared single-molecule nanoparticles by regulating the collapse
of linear polymer chains [26]. BCB-functionalized polymers and copolymers are synthesized
through free-radical [27,28] and anion polymerization [25,29]. Few works have investigated the
cationic polymerization of 4-VBCB, except for the research of Sheriff et al. on the application
of poly(styrene-coblock-4-VBCB)-polyisobutylene-poly(styrene-coblock-4-VBCB) in prosthetic heart
valves [30]. Moreover, the mechanism underlying the cationic copolymerization of IB with 4-VBCB
is unclear.

In reference to these results, we described the cationic random polymerization of IB and
4-VBCB with 2-chloro-2,4,4-trimethylpentane (TMPCl) as the initiator and TiCl4 as the coinitiator.
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Copolymerization laws were studied by changing the feed ratio of 4-VBCB. We proposed a possible
polymerization mechanism using Gaussian 09 software for calculations. We also studied thermal and
mechanical properties through the solid-phase crosslinking of poly(IB-co-4-VBCB).

2. Materials and Methods

2.1. Materials

IB (purity: 99.9%, Beijing Yanshan Petrochemical Co., Ltd., Beijing, China) and chloromethane
(CH3Cl, purity: 99.9%, Beijing Yanshan Petrochemical Co., Ltd.) were dried in the gaseous state via
passage through in-line gas-purifier columns packed with CaSO4 (purity: 99%, Beijing Chemical
Reagents Company, Beijing, China)/drierite. They were condensed in a cold bath in a glove box
prior to polymerization. N-hexane (purity: 99.5%, Beijing Chemical Reagents Company) was
refluxed with sodium for several hours and distilled before use under nitrogen (N2) atmosphere.
Dichloromethane (CH2Cl2, purity: 99.5%, Beijing Chemical Reagents Company) was dried over
CaH2 (purity: 99.5%, Beijing Chemical Reagents Company) for one week and then rectified by reflux
under N2 atmosphere. TMPCl was prepared by passing dry HCl into a 2,4,4-trimethyl-1-pentene
(purity: 98.0%, Tokyo Chemical Industry Co., Ltd., Tokyo, Japan)/CH2Cl2 50/50(v/v) mixture at 0 ◦C for
5 h; subsequently, the mixture was washed with NaHCO3 (purity: 99%, Beijing Chemical Reagents
Company) until neutral, MgSO4 (purity: 99%, Beijing Chemical Reagents Company) was added to
remove water, the mixture was filtered, and the filtrate was purified by using a rotary evaporator [31].
Titanium tetrachloride (TiCl4, purity: 99.0%, Energy Chemical, Shanghai, China) was purified from
P4O10 (purity: 99.0%, Beijing Chemical Reagents Company) through distillation. 4-VBCB (purity:
97.5%, Bide Pharmatech Ltd., Shanghai, China), 2,6-di-tert-butylpyridine (DTBP, purity: 99.80%,
Bide Pharmatech Ltd.), isopropanol (A.R. Beijing Chemical Reagents Company), and methanol (A.R.
Beijing Chemical Reagents Company) were used as received.

2.2. Polymerization

The cationic copolymerization of IB and 4-VBCB was conducted in a glove box under dry N2

atmosphere. In a typical reaction, 15 mL of cyclohexane, 10 mL of CH3Cl, 3.54 × 10−5 mol TMPCl,
8.84 × 10−5 mol DTBP, and 1.13 × 10−3 mol TiCl4 were added sequentially to a screw-cap vial that was
drained of water at −80 ◦C. The mixture was stirred evenly and held for 30 min to form TMPCl and
TiCl4 complex. A mixture of 2 mL of IB (1.42 g, 0.025 mol) and 2.53 × 10−3 mol 4-VBCB dissolved in
cyclohexane was added to the reaction mixture. Polymerization was continued for 2 h, and excessive
methanol was added to terminate the reaction. Polymerization was quenched with 10 mL of prechilled
ethanol. Polymer products were dried to a constant weight in a vacuum oven at 40 ◦C overnight.
Monomer conversion was determined gravimetrically.

2.3. Measurements

Gel-permeation chromatography (GPC) was used to determine the molecular weights and
molecular weight distributions (Mw/Mn) of the polymer. The unit was equipped with a Waters
e2695 Separations Module, a Waters 2414 RI Detector, a Waters 2489 UV Detector, and four Waters
styragel columns (E 2695, Waters, Milford, MA, USA) connected in the series of 500, 103, 104, and 105

at 30 ◦C. Tetrahydrofuran was used as the mobile phase at a flow rate of 1 mL·min−1 at room
temperature. PSS WinGPC software (Waters) was used to acquire and analyze chromatograms.
The molecular weights of polymers were calculated relative to those of linear polystyrene standards.
The microstructure of the polymer was analyzed by 1H NMR and 1C NMR using a nuclear magnetic
resonance spectrometer (AVANCE AV400, Bruker, Switzerland). Tetramethylsilane was the internal
standard and CDCl3 was the solvent. The polymers were subjected to thermogravimetric analysis using
a thermogravimetric analyzer (TGA Q500, TA Instruments, New castle, DE, USA) in N2 atmosphere
at 10 ◦C·min−1. The test temperature was 25 ◦C to 550 ◦C, and the heating rate was 10 ◦C·min−1.
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The glass transition temperature was analyzed using a differential thermal analyzer (DSC Q2000,
TA Instruments) in a N2 atmosphere of 50 mL·min−1 gas flow. The test temperature was −90 ◦C
to 150 ◦C, the temperature rise rate was 10 ◦C·min−1. The changes of crosslinked structure were
characterized using a Fourier transform infrared spectrometer (Nicolet6700, Thermo Fisher Scientific,
Waltham, MA, USA). The mechanical properties of the copolymer were tested by a microcomputer
controlled electronic universal testing machine (Instron3366, Instron, Shanghai, China). The stretch
rate was 40 mm·min−1.

3. Results and Discussion

3.1. Random Copolymers of IB and 4-VBCB

3.1.1. Copolymerization of IB and 4-VBCB

Scheme 2 outlines the synthesis route of the poly(IB-co-4-VBCB) random copolymer. We first
added IB to the initiation system to avoid the self-polymerization of 4-VBCB due to its high reactivity
ratio. After the initiation of IB, a mixture of 4-VBCB and IB formulated at a certain ratio was gradually
added to the reaction. Polymerization was continued for 2 h. Finally, excessive prechilled methanol
was used to terminate the reaction.

 
Scheme 2. Synthesis route for the random copolymerization of IB and 4-vinylbenzenecyclobutylene
(4-VBCB) initiated by the 2-chloro-2,4,4-trimethylpentane (TMPCl)/2,6-di-tert-butylpyridine
(DTBP)/TiCl4 system.

The structures of the copolymer were characterized by 1H NMR. Figure 1a shows the 1H NMR
spectrum of polyisobutylene (PIB). The characteristic resonance values at δ = 1.1 ppm (peak a) and δ =

1.4 ppm (peak b) were assigned to methyl and methylene, respectively. Figure 1b shows the 1H NMR
spectrum of 4-VBCB. Aromatic ring proton peaks were located at δ: 6.6–7.24 ppm (peak c), vinyl proton
peaks were located at δ = 5.1 ppm (peak a) and δ = 5.7ppm (peak b), and two methylene protons
peak of BCB four-member ring were found at δ = 3.1 ppm (peak d). Figure 1c shows the 1H NMR
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spectrum of the poly(IB-co-4VBCB) random copolymer, and the characteristic peaks of each proton in
poly(IB-co-4VBCB) random copolymer were consistent with the structures. Comparing Figure 1c with
Figure 1a,b reveals that the 1H NMR spectrum of the random copolymers lacked vinyl protons at δ = 5.1
ppm and δ = 5.7 ppm, and protons associated with the P(IB) and P(4-VBCB) segment backbone and BCB
side groups were present. The poly(IB-co-4VBCB) random copolymer was successfully synthesized.

 
Figure 1. 1H NMR spectra of polyisobutylene (PIB) (a), 4-VBCB (b), poly(IB-co-4-VBCB) (c).

3.1.2. Reactivity Ratio of IB and 4-VBCB

The reactivity of monomers directly determines the copolymer composition. Thus, we first studied
and calculated the reactivity ratio of IB and 4-VBCB using the Yezreielv–Brokhina–Roskin method [32].
We obtained a series of copolymers with different monomer compositions by changing the feed ratio of
4-VBCB to IB. The polymerization lasted for only 20 min to ensure that conversion rates were less than
15%. Then, the content of two monomers in the copolymer was calculated on the basis of the integrated
area of the corresponding peak in the 1H NMR spectra (Table 1). The calculation method is as follows:

FIB =
A1.1

6
/
(A1.1

6
+

A3.1

4

)

F4−VBCB =
A3.1

4
/
(A1.1

6
+

A3.1

4

)
where A1.1 is the resonance area of the two –CH3 on isobutene, and A3.1 is the resonance area of the
four-membered ring on 4-VBCB.
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Table 1. IB and 4-VBCB contents in the copolymer calculated by 1H NMR.

Run Conversion (%)
Monomer Feed Compositions of Copolymer

IB (%) 4-VBCB (%) IB (%) 4-VBCB (%)

1 14.05 90.91 9.09 84.33 15.67
2 12.88 95.24 4.76 88.28 11.72
3 12.15 97.56 2.44 94.25 5.75
4 14.42 98.36 1.64 96.97 3.03
5 14.23 98.77 1.23 97.47 2.53

In accordance with the Yezreielv–Brokhina–Roskin method, we calculated monomer reactivity
with the following equation:

(
x
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)
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)
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)
= 0

where x is the starting molar ratio of IB to 4-VBCB; y is the molar ratio of IB to 4-VBCB in the copolymer;
and r1 and r2 are the reactivity ratio of IB and 4-VBCB, respectively, which are calculated as follows:
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The reactivity ratios of IB and 4-VBCB are r1 = 0.47 and r2 = 2.08, respectively. Although 4-VBCB

tended to self-polymerize, the two monomers tended to form random copolymers when its concentration
was considerably lower than IB.

3.1.3. Characteristics and Mechanisms

The controlled polymerization of IB initiated by TMPCl/TiCl4/DTBP system was achieved (Figures
S1–S3). To verify the living characteristics of the random copolymerization of 4-VBCB and IB,
we conducted a series of experiments where only the 4-VBCB feed ratio was changed, and other
conditions remained unchanged. The details are shown in Table 2. Figure 2 shows the GPC traces
of PIB segments and random copolymers obtained with different 4-VBCB feeding quantities. As the
feed quantities of 4-VBCB were increased, the peak position of the random copolymers moved toward
low molecular weights, and the widths of the peak gradually increased. Figure 3 shows the average
molecular weight Mn and the MWD of the PIB and the random copolymers obtained from various
experiments as a function of the feeding quantity of 4-VBCB. The Mn value gradually decreased with
the increase in 4-VBCB feed quantity, whereas MWD exhibited an increasing trend.

Table 2. Poly(IB-co-4VBCB) with different feed quantities of 4-VBCB initiated by the TMPCl/TiCl4/DTBP
system, reacting in cyclohexane/CH3Cl 60/40 (v/v) at −80 ◦C, [IB] = 1.01 M, [TMPCl] = 1.41 × 10−3 M,
[DTBP] = 3.53 × 10−3 M, and [TiCl4] = 4.52 × 10−2 M.

Run [4-VBCB]/[TMPCl] Mn (g·mol−1) Mw/Mn Yield (%)

A 0 26,100 1.23 97.80
B 4.45 15,800 1.35 98.00
C 8.91 14,300 1.48 93.96
D 17.86 13,100 1.41 96.67
E 35.71 9920 1.52 97.30
F 71.43 8860 1.54 96.95
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Figure 2. Gel-permeation chromatography (GPC) traces of poly(IB-co-4-VBCB) initiated by the
TMPCl/DTBP/TiCl4 system in cyclohexane/CH3Cl (60/40 v/v) at −80 ◦C, [IB] = 1.01 M, [TMPCl] = 1.41 ×
10−3 M, [DTBP] = 3.53 × 10−3 M, and [TiCl4] = 4.52 × 10−2 M (A, B, C, D, E, and F correspond to the
terms in Table 1).

 
Figure 3. Mn and Mw/Mn values of poly(IB-co-4-VBCB) in different feed ratios of 4-VBCB to TMPCl
initiated by TMPCl/DTBP/TiCl4 system in cyclohexane/CH3Cl (60/40 v/v) at −80 ◦C, [IB] = 1.01 M,
[TMPCl] = 1.41 × 10−3 M, [DTBP] = 3.53 × 10−3 M, and [TiCl4] = 4.52 × 10−2 M.

The most likely reason for this result was that the chain transfer reaction to 4-VBCB increased
rapidly with increasing feeding quantities of 4-VBCB. The active center of the copolymer chain was
more likely to transfer to 4-VBCB with the simultaneous existence of two monomers. The copolymers
of IB and 4-VBCB were assumed to have only four chain end groups, α-olefin, β-olefin, tert-Cl [33],
and indane-BCB. Figure 4 shows the 1H NMR spectra of the four end groups. The fractional molar
amount of each chain end was calculated separately as follows:

Fα−olefin =
(A4.64 + A4.85)/2

(A4.64 + A4.85)/2 + A1.68/6 + A1.7/6 + (A2.51 + A2.83)/2

Fβ−olefin =
A1.7/6

(A4.64 + A4.85)/2 + A1.68/6 + A1.7/6 + (A2.51 + A2.83)/2

Ftert−Cl =
A1.68/6

(A4.64 + A4.85)/2 + A1.68/6 + A1.7/6 + (A2.51 + A2.83)/2
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Findane−BCB =
(A2.51 + A2.83)/2

(A4.64 + A4.85)/2 + A1.68/6 + A1.7/6 + (A2.51 + A2.83)/2

where A4.64 and A4.85 are the resonance areas of α-olefin, A1.68 is the resonance area of the two methyl
groups attached to β-olefin, and A1.7 is the area of two methyl groups resonance attached to the tert-Cl
carbon. A2.51 and A2.83 are related to the methylene protons of the indane structure produced by
chain-transfer to 4-VBCB. The results are shown in Table 3.

 
Figure 4. 1H NMR spectra of the copolymer end group.

Table 3. End group composition of different 4-VBCB feed quantities.

[4-VBCB]/[IB]
4-VBCB Components in

Copolymer (mol %)
Mn (g·mol−1) Mw/Mn

End-Group Composition (mol %)

α-olefin β-olefin tert-Cl Indane-BCB

0 0 26,100 1.23 63.49 33.31 3.20 0
1/10 0.61 15,800 1.35 36.52 27.64 12.49 23.35
1/20 1.32 14,300 1.48 28.60 21.17 9.96 40.28
1/40 2.68 13,100 1.41 20.76 17.26 9.13 52.85
1/60 5.25 9920 1.52 14.89 16.35 8.94 59.81
1/80 10.64 8860 1.54 13.21 16.72 7.71 62.36

The corresponding reaction mechanism of IB and 4-VBCB cationic copolymerization initiated
by TMPCl/DTBP/TiCl4 was proposed on the basis of the results for the end groups in the above
copolymerization reaction (Scheme 3). In the initiation reaction, TiCl4 extracted –Cl from TMPCl
to induce the generation of carbon cationic and formed the [TiCl5]− counterion. With the help of
the proton trapping agent DTBP, electrophilic carbocation preferentially attacked the monomers IB
and 4-VBCB to initiate polymerization. Various chain transitions and chain terminations occurred
frequently during polymerization. Chain transfer broke the chain by transferring the active center to
the monomers IB and 4-VBCB. The broken polymer chain generated two groups at the end, namely,
α-olefin and β-olefin, when the reaction chain was transferred to IB and the indane-BCB end group
when the reaction chain was transferred to 4-VBCB. Then, the new carbocation active center restarted
the reaction to produce a new polymer chain. Moreover, the growing carbocation combined with the
negative part of the counter ion to terminate the chain and produce the tert-Cl end group.

3.2. Thermal Properties of Poly(IB-co-4-VBCB) Random Copolymer

Figure 5 shows the DSC curve of the poly(IB-co-4-VBCB) containing 6 mol % of 4-VBCB. It shows
the heat change of the copolymer with temperature raised from −90 ◦C to 350 ◦C, retained for 10 min
at 260 ◦C for crosslinking, cooled to −90 ◦C, and reheated to 350 ◦C. Tg was 25.76 ◦C during the first
heating process. The BCB ring began to open when the copolymer was heated to 225 ◦C, and the
maximum BCB ring-opening temperature was approximately 257 ◦C. Tg was 38.56 ◦C during the
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second heating process after BCB ring opening, which was higher than the first Tg. This finding could
be attributed the crosslinking of the BCB ring. The new C–C bond formed by crosslinking was stable
and did not open even when the copolymer was heated to 350 ◦C.

 
Scheme 3. Proposed mechanism for IB and 4-VBCB cationic copolymerization initiated by
TMPCl/DTBP/TiCl4.

We studied the 1H NMR spectrum of the copolymer to further determine the crosslinking structure
of the copolymer. As shown in Figure 6, the absence of a signal peak (peak a) at 3.11 ppm on the 1H
NMR spectrum of the crosslinked copolymer, indicated that all of the BCB olefin rings were open.
A crosslinked eight-membered ring proton peak can be found at 3.18 ppm (peak b). The new signal
peak at 5.15 ppm (peak c) may be ascribed to the structure in which no crosslinking occurred after
the opening of the BCB ring. In the 13C NMR spectra (Figure 7), the characteristic signals of the PIB
segment appeared at 31.4, 38.3, and 59.7 ppm, and the characteristic signals of the P4VBCB segment
appeared at approximately 29.7 ppm. After crosslinking, we found that the characteristic signals (peak
f) of the BCB four-member ring disappeared in the 13C NMR spectra, and a new signal peak (peak d),
which was attributed to the crosslinking structure appeared. The same evidence can be observed from
the FTIR spectrum of the copolymer (Figure 8). The bands at 2949, 1471, 1388, 1365, and 1230 cm−1

were attributed to the PIB segment. The bands at 823 and 710.05 cm−1 disappeared after crosslinking,
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whereas a new absorption peak appeared at 1072 cm−1, thereby corresponding to the opening of the
four-membered ring of BCB and the formation of the eight-membered ring structure by crosslinking.

Figure 5. DSC curve of poly(IB-co-4-VBCB) containing 6 mol% 4-VBCB.

 
Figure 6. 1H NMR spectra of the copolymer before thermal crosslinking (top) and after thermal
crosslinking (bottom).

The thermal stability of the copolymer containing 6 mol % 4-VBCB is shown in Figure 9.
The epitaxial starting temperatures of the uncrosslinked and crosslinked copolymers were 390 ◦C and
406 ◦C, respectively. This result was due to the increased thermal stability caused by the crosslinking
of the copolymer.
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Figure 7. 13C NMR spectra of the copolymer before thermal crosslinking (top) and after thermal
crosslinking (bottom).

 
Figure 8. FTIR spectra of the uncrosslinked copolymer (top) and crosslinked copolymer (bottom).

3.3. Mechanical Properties of Poly(IB-co-4-VBCB) Random Copolymer.

We studied the mechanical properties of copolymers after thermal crosslinking. The copolymer
with a molecular weight of approximately 40,000 was placed in a dumbbell mold. Then, the copolymer
was heated to 250 ◦C at 4 MPa for 10 min. During heating, the copolymer became viscous at
250 ◦C. The 4-VBCB’s four-membered ring opened and reacted with itself to form solid C–C bond.
The stress-strain behavior of the module is illustrated in Table 4 and Figure 10. As the components of
4-VBCB in the copolymer increased, the elongation at break of the crosslinked copolymer increased
slightly, and the maximum tensile stress did not change considerably. The mechanical properties of the
copolymer were significantly improved compared with its viscous and gummy form before crosslinking.
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Figure 9. TGA of poly(IB-co-4-VBCB) containing 6 mol % 4-VBCB.

Table 4. Stress-strain behavior of poly(IB-co-4-VBCB) after thermal crosslinking.

Num
4-VBCB Components in

Copolymer (mol %)
Maximum Tensile

Stress (MPa)
Elongation at Break (%)

A 0.72 0.37 114
B 1.47 0.43 117
C 3.29 0.47 120
D 6.86 0.47 122
E 11.67 0.53 130

 
Figure 10. Stress-strain behavior of poly(IB-co-4-VBCB) after thermal crosslinking (A, B, C, D, and E
correspond to the terms in Table 4).

4. Conclusions

A poly(IB-co-4-VBCB) random copolymer was successfully synthesized through cationic
polymerization initiated by the TMPCl/DTBP/TiCl4 system. The reactivity ratios of IB and 4-VBCB,
which were r1 = 0.47 and r2 = 2.08, respectively, in the copolymerization reaction were calculated
using the Yezreielv–Brokhina–Roskin method. The two monomers formed a random copolymer.
The molecular weight and molecular weight distribution of the copolymer were characterized by
GPC. The content of 4-VBCB in the copolymer also increased with the increase in the feed ratio of
4-VBCB to IB. However, the molecular weight of the copolymer decreased while the molecular weight
distribution increased. The possible reaction mechanism was that the chain transfer reaction to 4-VBCB
increased with the increase in the feed ratio of 4-VBCB to IB, thereby breaking the polymer chains.
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The thermal properties of the copolymer were determined by DSC and TGA. When the copolymer
was heated to approximately 220 ◦C, the BCB ring began to open, and the newly formed intermediates
crosslinked with each other to form a network structure between copolymer chains. The crosslinked
structure did not break even when the copolymer was reheated to the temperature at which the BCB
ring can be opened. At the same time, the glass transition and decomposition temperatures of the
copolymer increased after crosslinking due to its thermal crosslinking property. The state of the
copolymer changed from viscous to fixed with a certain mechanical strength after crosslinking.
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Mw/Mn as a function of conversion for the polymerization of IB initiated by TMPCl/DTBP/TiCl4 system in
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Abstract: We describe an approach for modeling the filler network formation kinetics of
particle-reinforced rubbery polymers—commonly called filler flocculation—that was developed by
employing parallels between deformation effects in jammed particle systems and the influence of
temperature on glass-forming materials. Experimental dynamic viscosity results were obtained
concerning the strain-induced particle network breakdown and subsequent time-dependent
reformation behavior for uncross-linked elastomers reinforced with carbon black and silica
nanoparticles. Using a relaxation time function that depends on both actual dynamic strain amplitude
and fictive (structural) strain, the model effectively represented the experimental data for three
different levels of dynamic strain down-jump with a single set of parameters. This fictive strain
model for filler networking is analogous to the established Tool–Narayanaswamy–Moynihan model
for structural relaxation (physical aging) of nonequilibrium glasses. Compared to carbon black,
precipitated silica particles without silane surface modification exhibited a greater overall extent of
filler networking and showed more self-limiting behavior in terms of network formation kinetics
in filled ethylene-propylene-diene rubber (EPDM). The EPDM compounds with silica or carbon
black filler were stable during the dynamic shearing and recovery experiments at 160 ◦C, whereas
irreversible dynamic modulus increases were noted when the polymer matrix was styrene-butadiene
rubber (SBR), presumably due to branching/cross-linking of SBR in the rheometer. Care must be taken
when measuring and interpreting the time-dependent filler networking in unsaturated elastomers at
high temperatures.

Keywords: polymer nanocomposites; filled rubber; particle network; filler flocculation; fictive strain;
structural relaxation; Tool–Narayanaswamy–Moynihan model; jamming

1. Introduction

There is considerable academic and industrial interest in the rheology/viscoelasticity of polymer
systems due the influence on both the processability in manufacturing and the final product performance.
One important example is in the field of automobile tire technology where the dynamic mechanical
behavior of the tread compound is closely connected to—and predictive of—the fuel economy, traction,
and handling/cornering performance characteristics of a tire [1,2]. For general background information
about polymer viscoelasticity, several excellent books on this technical area are suggested [3–6].

Temperature and frequency are the main experimental variables in dynamic mechanical
characterization of polymer materials. Strain amplitude effects are also of critical importance in

Polymers 2020 , 12 , 190 ; doi:10.3390/polym12010190 www.mdpi.com/journal/polymers
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polymer composites reinforced by particles. First documented by Dillon, Prettyman, and Hall in
1944 [7], the Payne effect [8–10] is a well-known viscoelastic phenomenon in particle-filled elastomers
that is characterized by a significant reduction in dynamic storage modulus and the appearance of a
peak in loss tangent (tanδ) as the oscillatory strain amplitude is increased. This hysteretic softening
occurs at small dynamic strains, with most of the storage modulus reduction taking place in the range
from 0.1 to 10% strain. Unfilled elastomers do not typically exhibit strain-dependent viscoelastic
response until much higher strain amplitudes (>50%). The key features of the Payne effect are
described in a chapter by Heinrich and Klüppel [11] and in a brief review [12]. The tire industry is
particularly interested in understanding the Payne effect and developing materials technologies to
reduce its magnitude because of the impact of this viscoelastic behavior on fuel economy. The global
oil consumption each day for ground vehicles is over 50 million barrels of oil [13]. About 10% of the
fuel used by an automobile is consumed to overcome the rolling resistance of tires, and at least half of
that rolling resistance is from the Payne effect of the rubber compounds within the tires. Therefore,
more than 2.5 million barrels of oil are wasted each day around the world due to the Payne effect of
tire compounds.

The presence of a strain-sensitive filler network composed of percolated particle–particle contacts
is responsible for the majority of the Payne effect [11,14–17], although polymer dynamics at the
polymer–filler interfaces also have a secondary contribution [15,18–20]. Once the shearing of an
uncross-linked-filled elastomer compound is ceased, the filler network strengthens with time which
leads to a larger Payne effect. This is commonly referred to as filler flocculation, and it has been widely
studied across the past two decades [21–36]. Once a filler network is formed, it can be broken by
deforming the material above about 20% strain, and the filler network will reform with time after the
strain is removed or reduced. This is schematically illustrated in Figure 1 for nano-structured fillers
such as precipitated silica and carbon black made up of fused aggregates of nanometer-scale primary
particles. Only very small movements of aggregates are needed to break the connectivity of the filler
network, and reformation of the network takes place across correspondingly small distances. Therefore,
the term flocculation is somewhat of a misnomer for this filler network build-up phenomenon.

Figure 1. Illustration of the effect of shear strain on the particle network in a filled elastomer and
the subsequent time-dependent reformation process. The different colored aggregates in the upper
diagrams represent fused primary particles, and these aggregates are the smallest dispersible units
of nano-structured fillers such as carbon black and precipitated silica. The lower diagrams illustrate
the connectivity of the filler network, with solid lines showing fused connections of primary particles
within aggregates and dashed lines showing aggregate–aggregate (filler–filler) contacts.

The physics of particle systems have similarities to glassy behavior, but with deformation (stress,
strain, vibration) driving the response instead of temperature as the key parameter. The noted

194



Polymers 2020 , 12 , 190

similarities between temperature effects in glass-forming materials and influence of deformation on
particle systems led to the creation of jamming phase diagrams [37,38]. These ideas have been extended
to particle-filled rubber [39,40]. Phenomenological modeling of time-dependent properties during
relaxation in the nonequilibrium glassy state is well established, which provides the opportunity
to borrow those concepts for modeling the filler networking/jamming process in filled polymers
by substituting deformation for temperature. This present study will show dynamic rheological
results that reveal filler networking/flocculation in model-filled rubber formulations, and glassy
modeling approaches will be adapted to fit the time-dependent data and give new insights into
the behavior. Given the known importance of relative surface energies for polymer and particles
to the filler flocculation process [33–35,41,42], our investigation included two different elastomers,
ethylene-propylene-diene rubber (EPDM) and styrene-butadiene rubber (SBR), that are reinforced with
two different fillers: precipitated silica and carbon black (CB).

2. Materials and Methods

The polymers included in this investigation were EPDM (Buna EP G 3440) and solution SBR
(VSL 2525 0 m) from Arlanxeo Deutschland GmbH (Dormagen, Germany). The precipitated silica
(Ultrasil VN3 grade) from Evonik Industries AG (Essen, Germany) and carbon black (N115 grade)
from Orion Engineered Carbons GmbH (Cologne, Germany) have nitrogen surface areas of 180 and
137 m2/g, respectively, as reported by the suppliers. The antioxidant used was rubber grade 6PPD
(N-(1,3-dimethylbutyl)-N′-phenyl-p-phenylenediamine).

The simple model rubber formulations in Table 1 were mixed using a Haake Rheomix 600P
(Thermo Fisher Scientific GmbH in Karlsruhe, Germany). This mixer has a chamber volume of 80 cc,
which was filled 70% with compound during mixing. Using a starting temperature of 110 ◦C and rotor
speed of 60 rpm, the compounds were mixed for 8 min to a final temperature of 140 to 150 ◦C. The
compounds were then milled for 2 min using a two-roll mill (Polymix-110L; Servitec Maschinenservice
GmbH in Wustermark, Germany) at 50 ◦C with a friction ratio of 1:1.2. Densities for the raw materials
were used to determine values of filler volume fraction (ϕ), which was nearly constant at 0.15 to 0.17
for the four compounds (Table 1).

Table 1. Model formulations for particle-filled rubber compounds (phr).

Compound: SBR-CB SBR-Silica EPDM-CB EPDM-Silica

SBR 100 100
EPDM 100 100

Carbon Black (N115) 40 40
Precipitated Silica 40 40

Antioxidant (6PPD) 2 2 2 2
Total (phr): 142 142 142 142

Filler Volume Fraction, ϕ: 0.17 0.15 0.16 0.15

Oscillatory shear rheology measurements were conducted using a Rubber Process Analyzer (RPA)
made by Scarabaeus GmbH (Wetzlar, Germany; model SIS-V50) that uses a serrated biconical die
geometry. All RPA testing was performed at a temperature of 160 ◦C and frequency (f) of 1.67 Hz
(angular frequency (ω) = 10.5 rad/s). The dynamic strain amplitude (γ) was varied in a time sequence:
(1) 5 min at γ = 0.25 to break up the filler network; (2) 120 min at the flocculation γ value; and (3) 10 min
each at sequentially increasing strains up to and including γ = 0.25. A fresh rubber compound
specimen was used for each RPA testing sequence, and the volume of compound used for testing was
approximately 5 cm3. We report results for shear storage modulus (G’) and the magnitude of complex
viscosity, |η*|, which is commonly called dynamic viscosity and represented without the brackets, η*.
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3. Results and Discussion

This study considered simple SBR and EPDM formulations containing only polymer, filler, and an
antioxidant (Table 1). The filler volume fraction was nearly constant (ϕ= 0.15 to 0.17) for these materials
which did not contain any cross-linking additives. The CB and silica filler grades used have specific
surface areas of 137 m2/g and 180 m2/g. Although these are nano-structured fillers (see Figure 1),
we can get an idea of the size of these filler materials by converting the specific surface areas to values
of equivalent spherical particle diameter (d). The surface to volume ratio of a sphere is 6/d which leads
to d = 17 nm for silica and d = 24 nm for CB using densities for silica and carbon black of 2.0 and
1.8 g/cm3, respectively. The filled elastomers investigated here are clearly polymer nanocomposites.

Oscillatory shear rheology was used to study filler networking kinetics for CB-filled and silica-filled
SBR and EPDM. It is common to use temperatures in the 150 to 170 ◦C range for studying filler
flocculation in rubber, because this is the typical range where curing (vulcanization) of rubber
compounds takes place commercially. Most of the filler networking occurs during the early stages of
curing, before the polymer chains become cross-linked [30]. We employed a temperature of 160 ◦C
for all of our measurements. The testing protocol involved: (1) breaking up the filler network at a
strain amplitude (γ) of 0.25 (25%); (2) down-jump to the flocculation γwhere changes in rheological
properties were monitored for 120 min; and (3) sequential break-up of the filler network at various
increasing strains, each applied for 10 min, up to the final γ of 0.25. So, the testing series started
and ended at the same conditions. The storage modulus (G’) results for this testing series are shown
in Figure 2 for the CB-filled polymers using a flocculation γ of 0.014 and subsequent filler network
break-up γ values of 0.05, 0.10, and 0.25, and the results for the silica filler are given in Figure 3
using the same conditions. For both types of filled EPDM, it is evident that the starting and ending
G’ at γ = 0.25 were essentially the same. When the polymer matrix was SBR, however, irreversible
increases in G’ were noted, presumably due to branching/cross-linking of SBR in the rheometer.
Cross-linking of unsaturated elastomers without vulcanization agents at high temperatures is a known
occurrence [43–45]. This grade of SBR has a structure with 75 wt.% butadiene (unsaturated; C=C
double bond in every polymer repeat unit from butadiene), whereas the EPDM has a nearly fully
saturated structure except for the sparse double bonds from the 4.1 wt.% ethylidene norbornene
comonomer. For filler flocculation studies, we recommend a testing sequence like the one utilized here
and/or a time sweep on the unfilled polymer to ensure that the material is stable, such that any kinetic
model fitting—and parameter interpretation therefrom—can be considered valid and meaningful.
The remainder of the experiments to be discussed and the phenomenological model fitting will only
involve the stable EPDM-CB and EPDM-silica materials.

Figure 2. Time-dependent G’ results for the indicated strain amplitude history for EPDM-CB (a) and
SBR-CB (b). The blue bar in (a) represents the similar starting and ending values of G’ at γ = 0.25.
In (b), the blue bar is the starting G’ at γ = 0.25 and the pink bar is the final G’ at γ = 0.25, which
is higher.
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Figure 3. Time-dependent G’ results from the indicated strain amplitude history for EPDM-Silica (a)
and SBR-Silica (b). The blue bar in (a) represents the similar starting and ending values of G’ at γ =
0.25. In (b), the blue bar is the starting G’ at γ = 0.25 and the pink bar is the final G’ at γ = 0.25, which
is higher.

For studying filler flocculation, the time dependence of G’ is often used, and examples from our
testing were just presented in Figures 2 and 3. However, for our detailed analysis and model fitting, we
use the magnitude of the complex viscosity, |η*|, which is equal to |G*|/ω where |G*| is the magnitude
of the complex modulus and ω is the angular frequency (ω = 2πf). We represent this simply as η*
(without the brackets) and refer to this quantity as dynamic viscosity. We study η* for two reasons: (1) it
is directly determined from the experimental stress and strain amplitudes without having to separate
the dynamic shear response into storage modulus and loss modulus and accordingly prove the validity
of linear-nonlinear dichotomy for our filled rubber compounds at the testing conditions [20,30,46];
and (2) viscosity is a typical property used to describe glass-forming materials, to which we will draw
parallels later.

The build-up of dynamic viscosity after a down-jump from equilibrium at γ = 0.25 was studied at
three different networking/flocculation γ values of 0.014, 0.03, and 0.05. The data in Figure 4 indicate
significantly more extensive filler networking for silica relative to CB in the EPDM matrix. This is
expected since the bare silica without silane surface modification is polar (surface covered with -OH
groups) and consequently has much stronger filler–filler interactions as flocculation driving forces
compared to carbon black. Another observation for both materials is that the degree of viscosity growth
increased as the flocculation strain was reduced.

Figure 4. Time-dependent dynamic viscosity results for EPDM-Silica (a–c) and EPDM-CB (d–f) from
testing using the indicated strain amplitude histories. The green bars represent the apparent equilibrium
η* values at the various values of γ. Note the different y-axis scalings for EPDM-Silica (a–c) and
EPDM-CB (d–f).
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A key observation from Figure 4 is that for each polymer–filler system, there appears to be an
equilibrium dynamic viscosity, η*eq, at each value of γ that is independent of the prior strain history
path. This is highlighted by the green bars in Figure 4, and the γ-dependence of η*eq displays a power
law behavior for both EPDM-CB and EPDM-Silica (Figure 5).

η∗eq = c γ−α (1)

Figure 5. γ-dependent values of η*eq and η*inst (symbols) and power law fits (solid lines) for EPDM-CB
(a) and EPDM-Silica (b).

The power law parameters are summarized in Table 2. Switching the independent and dependent
variables produces an expression that will be used later to define the time dependence of fictive strain,
γf, in terms of the dynamic viscosity evolution with time:

γ f (t) = c1/α [η∗(t)]−1/α (2)

Table 2. Power Law Parameters for γ-dependences of η*eq and η*inst.

Compound
η*eq [Equations (1) and (2)] η*inst [Equation (3)]

c (kPa-s) α b (kPa-s) θ

EPDM-CB 8.588 0.486 13.119 0.183
EPDM-Silica 12.535 0.614 19.138 0.317

Another noted aspect of the general behavior in Figure 4 is that there seems to be a discontinuity
in η* when the strain is suddenly reduced from equilibrium at γ = 0.25 to the flocculation γ. The time
between the last datapoint at γ = 0.25 and the first datapoint at the flocculation strain is 6 s, so it is
possible that the noted viscosity jump in each case is a consequence of this time gap (i.e., missing
data). Interestingly, however, this “instantaneous” dynamic viscosity, η*inst, also shows a power law
dependence with respect to γ, with parameters reported in Table 2.

η∗inst = b γ−θ (3)

The apparent viscosity jumps may reveal some real physics of the flocculation process, namely that
it is composed of an instantaneous part and a time-dependent part.

The nonequilibrium behavior of glasses is modeled using actual temperature (T) and fictive
temperature (Tf) [47–50], and the analogous concept of fictive strain was recently introduced for filled
rubber [32]. Given the similarities between the influence of deformation on jammed particle systems
and temperature effects on glass-forming materials, we adapt the Tool–Narayanaswamy–Moynihan
(TNM) model [47,48,51,52] that is used to represent the structural relaxation (physical aging) process
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in the nonequilibrium glassy state. Substituting γ and γf for T and Tf in the TNM approach leads to the
fictive strain model:

η∗(t) = η∗0 + ( η∗∞ − η∗0 )
⎧⎪⎪⎪⎪⎨⎪⎪⎪⎪⎩1− exp

⎡⎢⎢⎢⎢⎢⎢⎢⎢⎣−
⎛⎜⎜⎜⎜⎜⎜⎜⎝

t∫
0

dt

τ
(
γ,γ f (t)

)
⎞⎟⎟⎟⎟⎟⎟⎟⎠
β⎤⎥⎥⎥⎥⎥⎥⎥⎥⎦
⎫⎪⎪⎪⎪⎬⎪⎪⎪⎪⎭ (4)

τ = A exp
[

a
γ
+

s
γ f (t)

]
(5)

It should be noted that the functional form of Equation (5) is different than a preliminary expression
proposed earlier for the relaxation time, τ [32]. At first glance, the expression in Equation (4) looks like
a typical stretched exponential growth function, with stretching exponent β. However, the unique
part is the relaxation time function, which depends on actual strain through the parameter a and
fictive/structural strain through the parameter s (Equation (5)). The fictive strain decreases toward
the actual strain during flocculation, thereby imparting a time-dependent increasing nature to τ as
filler networking progresses. The γf(t) is assigned from the measured η*(t) using Equation (2), and a
visual example of the connection between the time dependence of dynamic viscosity and fictive strain
is presented in Figure 6. In fitting the experimental data, we set η*∞ = η*eq from Equation (1). We also
fix η*0 = η*inst, where η*inst was assigned from the first datapoint after the strain down-jump when
fitting experimental results and was determined using Equation (3) when predicting behavior outside
the range of measured dynamic rheology results. The fitting used four varying parameters, a, s, A,
and β, for the nonexponential (stretched exponential) version of the model. Only three parameters
were allowed to vary for the exponential version of the model, because βwas fixed at a value of 1 for
that case.

Figure 6. Illustration of fictive strain determination during time-dependent η* build-up (red symbols)
at γ = 0.014 after strain down-jump from γ = 0.25 for EPDM-CB. The blue symbols are η*eq vs. γ along
with the related power law fit (solid line).

The η*(t) responses from the three flocculation experiments at γ = 0.014, 0.03, and 0.05 were
simultaneously fit for each material using exponential and nonexponential versions of the fictive strain
model. The fits are shown in Figures 7 and 8, and the resulting model parameters are summarized
in Table 3. The modeling approach was able to effectively represent the time-dependent dynamic
viscosity responses for EPDM-CB and EPDM-Silica systems at three levels of strain down-jump using
a single set of fitting parameters for each material. The stretched exponential model gave some modest
improvement in fitting compared to the exponential model due to an additional fitting parameter
(4 versus 3).
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Figure 7. Time-dependent η* data (symbols) after down-jump from equilibrium at γ = 0.25 to the
indicated γ values and fictive strain model fits (solid lines) for EPDM-CB using the exponential (a) and
stretched exponential (b) versions of the model.

Figure 8. Time-dependent η* data (symbols) after down-jump from equilibrium at γ = 0.25 to the
indicated γ values and fictive strain model fits (solid lines) for EPDM-Silica using the exponential (a)
and stretched exponential (b) versions of the model.

Table 3. Fictive strain model parameters.

Compound Model A (min) a s β

EPDM-CB Exponential 3.76 4.13 × 10−4 4.14 × 10−2 1.0 (fixed)
EPDM-Silica 0.765 9.01 × 10−3 1.48 × 10−1 1.0 (fixed)

EPDM-CB Stretched
Exponential

5.06 2.47 × 10−3 2.71 × 10−2 0.835
EPDM-Silica 1.61 2.20 × 10−2 9.45 × 10−2 0.723

The relaxation time using this fictive strain modeling approach is not a constant, nor are there two
or more fixed relaxation times. Rather, τ increases with time as the particles become progressively
networked/jammed, and the fictive strain is a metric for the evolving filler network structure. Therefore,
our methodology describes particle networking/flocculation as a self-limiting process wherein the rate
of networking slows down as the filler network builds up. The relaxation time functions from the
fitting are compared in Figure 9, where it is evident that untreated silica has more self-limiting filler
networking behavior than carbon black in these uncross-linked EPDM nanocomposites. Although the
modeling approach does not explicitly include parameters related to filler–filler and polymer–filler
interactions, the fitting results show clear differences between the nature of carbon black relative to the
significantly more polar silica particles. For both compounds, s >> a, so the relaxation time depends
more on the fictive strain than the actual measurement strain.
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Figure 9. Time-dependent τ from fictive strain model fits for down-jump experiments from equilibrium
at γ = 0.25 to the indicated γ values for EPDM-CB (a) and EPDM-Silica (b). The dashed lines are from
the exponential model and the solid lines are from the stretched exponential model.

The parameters quantified from fitting the experimental data can be used to predict the filler
flocculation behavior at γ and time conditions that are outside the ranges probed in the dynamic
rheological measurements. The results are shown in Figure 10. This exercise showed that filler
networking at strain amplitudes below 0.006 (0.6%) is predicted to not reach equilibrium for both
EPDM-CB and EPDM-Silica until sometime after a flocculation time of 100,000 min (~70 days),
which was the longest time considered in the model predictions. Extending the model to these
long-time conditions gives such insights that are not otherwise experimentally possible. It would not
be realistic to perform rheological experiments for months, and even mostly saturated EPDM would
undergo branching/cross-linking during annealing at 160 ◦C for this duration.

Figure 10. Predicted η* vs. time at the indicated strain amplitudes for EPDM-CB (a) and EPDM-Silica
(b) using parameters from fitting the experimental data (Figures 8 and 9) to the exponential fictive
strain model. Note the different y-axis scalings for (a,b).

The departure from equilibrium as γ is reduced can be viewed by replotting the results in Figure 10
as a function of strain amplitude for various flocculation times in Figure 11. This bears a striking
resemblance to the behavior of amorphous polymers and small-molecule glass-formers as they are
cooled into the glassy state [53]. Zhao, Simon, and McKenna [54] studied a fossilized amber resin
glass and they demonstrated that the glass did not reach the extrapolated equilibrium liquid behavior,
even after 20 million years. In Figure 12, we compare our γ-dependent predictions for EPDM-CB
with their T-dependent measurements for the amber resin to further reinforce the known similarities
between jammed particle systems and glass-forming materials. A critical jamming transition strain
amplitude, γj, in particle-filled elastomers is analogous to the glass transition temperature, Tg.
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Figure 11. Predicted η* vs. γ at the indicated times for EPDM-CB (a) and EPDM-Silica (b) using
parameters from fitting the experimental data (Figures 8 and 9). Note the different y-axis scalings
for (a,b).

Figure 12. Comparison of departure from equilibrium as strain amplitude is decreased for EPDM-CB
(a) with departure from equilibrium liquid behavior as temperature is decreased for 20-million-year-old
amber resin glass from Zhao, Simon, and McKenna [54] (b).

4. Conclusions

The fictive strain model was able to capture the time-dependent dynamic viscosity responses
for EPDM-CB and EPDM-Silica systems at three levels of strain down-jump using a single set
of fitting parameters for each material. Fitting was improved by using a stretched exponential
model versus an exponential model, at the expense of introducing an additional fitting parameter
(4 versus 3). The utility of this glass-like phenomenological treatment of the time-dependent filler
networking/flocculation process in particle-filled elastomers is that it provides new insights into the
relative networking characteristics of different polymer nanocomposite systems. Compared to carbon
black in filled EPDM compounds, the untreated precipitated silica exhibited more extensive filler
networking/flocculation, and the filler network build-up displayed more self-limiting behavior. For
both filler types, the relaxation time function was more dependent on structural (fictive) strain than
actual strain amplitude, as determined from fitting parameter results indicating s >> a.

For dynamic strains less than 0.006 (0.6%), the filler network is predicted to not reach equilibrium,
even after 70 days at 160 ◦C for both filled EPDM materials. There is a tendency to think about the
Payne effect in terms of dynamic mechanical properties changing as strain amplitude is increased.
However, based on our fictive strain model predictions in Figure 11, we propose that the typical
reverse-sigmoidal shape of the Payne effect—as observed for G’ or η* when plotted versus log(γ)—is
a consequence of the transition from equilibrium state to jammed nonequilibrium filler network as
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strain amplitude is decreased, similar to the departure of glass-forming liquids into the glassy state
as temperature is reduced. A critical strain amplitude for jamming, γj, in particle-filled elastomers
(polymer nanocomposites) is thus analogous to the glass transition temperature for glass-formers.

The EPDM compounds with silica or carbon black filler were stable during the 155-min-long
dynamic rheology experiments at 160 ◦C, but irreversible dynamic storage modulus increases were noted
when the polymer matrix was SBR, presumably due to branching/cross-linking of the unsaturated
SBR in the rheometer. We recommend verifying the stability of a material when studying filler
flocculation in order to have meaningful interpretation of any model parameters derived from fitting
the time-dependent physical phenomenon without any contribution from underlying chemical changes
in the polymer–particle system.
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