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Metal Matrix Composites (MMCs) are a unique class of materials capable of providing design
freedom to material scientists, allowing the creation of materials that can be targeted to a wide spectrum
of applications [1,2]. The key factors that affect the design of MMCs include the following [1–3]:

(a) Choice of matrix material.
(b) Type, size (length scale) and amount of reinforcement.
(c) Type of processing (primary and secondary), as this controls the microstructure including

matrix-reinforcement integrity.
(d) Heat treatment procedure.

The choice of matrix material and reinforcement is primarily influenced by the end application.
For example, nickel-based materials are commonly chosen as matrices for high temperature
applications, while titanium- and magnesium-based materials are considered for both light weighting
of engineering structures and biomedical applications [1–5]. Similarly, different processing methods
(primary and secondary) are chosen depending on many factors, such as cost of the end product,
type of microstructure desired and volume of production. As an example, conventional casting is
always preferred when high volume production is required. The proper utilization of heat treatment
also plays a crucial role in selectively enhancing the properties of composites. In view of the dynamic
scientific and application potential of metal matrix composites, the present thematic issue was launched
and was highly successful, with 20 papers contributed by researchers from all over the world and
accepted after rigorous peer review. Key materials that were investigated include the following:

(a) Aluminum-based materials.
(b) Magnesium-based materials.
(c) Titanium-based materials.
(d) Copper-based materials.
(e) Silver-based materials.
(f) Tungsten-based materials.

Reinforcement investigated in the above matrices included at least one of the following:

(a) ZnO in nanolength scale.
(b) SiC in nanolength scale.
(c) Y2O3 in nanolength scale.
(d) Sm2O3 in nanolength scale.
(e) Carbon-based reinforcements such as CNTs and graphene oxide.
(f) Metal-based reinforcement such as complex alloy reinforcement in micron length scale.
(g) Tungsten fiber nets.
(h) TiB.
(i) Intermetallic reinforcement such as Mg2Si.

Metals 2018, 8, 379 1 www.mdpi.com/journal/metals
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(j) Saffil fibers.
(k) β-Tricalcium phosphate.

The types of processing that were employed to synthesize composites included the following:

(a) Liquid based methods such as the disintegrated melt deposition method including ultrasonication.
(b) Semi-solid or two-phase methods.
(c) In-situ method.
(d) Solid state method including cold and hot pressing, mechanical milling and spark plasma sintering.
(e) Thixoforging.

The reported properties of the metal matrix composites in this special issue included:

(a) Mechanical properties such as tensile and compression response.
(b) Ignition response.
(c) Damping response.
(d) Coefficients of thermal expansion.
(e) Elastic and plastic deformation behavior.
(f) Corrosion response.

The choice of matrix, reinforcement, processing method and characterization results reported
by researchers in the twenty papers included in this special issue clearly indicate the prevalence
of scientific curiosity and the optimism of researchers worldwide to create new metal-based
composite materials for a wide range of applications, spanning from the biological sector to multiple
engineering sectors.

This special issue certainly provides a succinct description of research activities conducted across
the world and thus will be very useful for students and researchers in both academia and industry.

Finally, I would like to thank all the authors for their excellent contributions to this issue,
to the reviewers for making useful comments, and to the Metals editorial staff for publishing these
articles promptly.

Conflicts of Interest: The authors declare no conflict of interest.
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Abstract: The inclusion of carbon nanotubes (CNTs) into metallic systems has been the main focus
of recent literature. The aim behind this approach has been the development of a new property or
improvement of an inferior one in CNT-dispersed metal matrix nanocomposites. Although it has
opened up new possibilities for promising engineering applications, some practical challenges have
restricted the full exploitation of CNTs’ unique characteristics. Non-uniform dispersion of CNTs in
the metallic matrix, poor interfacial adhesion at the CNT/metal interface, the unfavorable chemical
reaction of CNTs with the matrix, and low compactability are the most significant challenges, requiring
more examination. The present paper provides a broad overview of the mentioned challenges, the
way they occur, and their adverse influences on the physicomechanical properties of CNT-reinforced
metal matrix nanocomposites. The suggested solutions to these issues are fully addressed.

Keywords: carbon nanotube; nanocomposite; dispersion; interfacial adhesion; phase transformation;
physicomechanical properties

1. Introduction

Carbon nanotubes (CNTs) as one of carbon allotropes have been discovered in 1991 by Iijima [1].
There are two main types of CNTs including single-walled (SWNTs) and multi-walled nanotubes
(MWNTs). CNTs are the monolithic cylinders of one or more layers of the graphene, so that if only one
graphene layer is rolled, it is called SWNTs. MWNTs can be also understood by rolling several parallel
graphene layers. Both SWNTs and MWNTs are formed with open or closed ends [2]. The morphology
of MWNTs highly depends on their fabrication process, where Russian doll tubes are formed using
perfectly concentric cylinders, and scroll tubes can be formed when a single graphene sheet is rolled as
scroll [3]. All carbon atoms in the perfect structure of CNTs (except those present on the edges) are
bonded in a hexagonal lattice. The presence of impurities drastically degrades the final properties of the
tubes. MWNTs have larger diameters than SWNTs, where the diameter of SWNTs ranges from 0.8 to
2 nm and the diameter of MWNTs varies between 5 and 20 nm [2]. Furthermore, the size and surface
area of CNTs are of prime significance, so that they can play an important role in the antibacterial
applications, where a decrement in CNTs size may significantly improve their antibacterial efficiency
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through the increase of the specific surface area [4]. Also, the variation of geometrical dimensions
in CNTs can significantly affect their final properties due to a change in the length to diameter ratio.
However, the final properties of SWNTs and MWNTs do not change in the same manner with the
aspect ratio variation. For instance, the Young’s modulus of SWNTs deeply depends on the size
and chirality, while the elastic modulus of MWNTs slightly changes with the diameter variation [5].
Although CNTs are among the strongest materials in nature, their mechanical properties vary in
different directions. The results confirm the higher Young’s modulus and tensile strength in the axial
direction compared to the radial one [6].

Owing to their appropriate mechanical, electrical, and thermal properties, CNTs have been
extensively used in a wide range of the engineering applications such as high-strength and conductive
composites, energy storage devices, and hydrogen storage [7]. Moreover, due to a favorable
combination of strength and weight, CNTs are commonly used in the aerospace and automobile
industries [8]. In these cases, CNTs are used whether in pure state or as a reinforcement in the metal,
ceramic, and polymer matrix nanocomposites [9–11]. As to CNT-reinforced nanocomposites, the aim
is the development of a new property or improvement of present properties.

In general, the incorporation of CNTs into metallic matrices improves the mechanical properties
of such binary systems (e.g., microhardness and fracture toughness) or electrical properties. However,
they may adversely affect the properties [12]. Despite the mentioned advantages, this approach mainly
faces four major challenges as follow:

(i) Favorable dispersion of CNTs throughout the matrix. A composite with improved properties will
be obtained when the reinforcements are uniformly distributed through the matrix. Otherwise,
the micro-pores as well as agglomerated particles may form all over the microstructure [13,14].
To overcome this challenge, a broad spectrum of dispersion methods is developed. Among these
techniques, the mechanical methods [15], surface treatment [16], and chemical methods [17] are
the most conventional. Each of these techniques has their own advantages and disadvantages,
being discussed in the next sections.

(ii) Unfavorable chemical reaction of CNTs with matrix at high pressures, elevated temperatures, and
induced strains. It is usually accompanied by the formation of defects. On the other words, to
thermally decompose CNTs in exposure to a metallic matrix, the presence or formation of defects
is required. It is shown that the thermal decomposition of CNTs can bilaterally affect the final
properties of the nanocomposites. In other words, the final properties strongly depend on the
chemical composition of the formed intermetallics [18,19].

(iii) Poor interfacial adhesion between CNTs and the matrix due to the hydrophobic nature of the
CNTs. This shortcoming deteriorates the load bearing between the matrix and CNTs. Moreover,
intensive phonon scattering arisen from the insufficient adhesion can significantly enhance the
electrical resistivity [20]. It is noteworthy that the interfacial adhesion can be improved whenever
a controlled superficial chemical reaction between CNTs and metallic matrix occurs. On the
other words, the poor interfacial adhesion can be considered as a sub-challenge under the title of
“chemical reaction of CNTs with metallic matrix”. This review paper has adopted such a policy.

(iv) Low compactability of metallic powders. The incorporation of CNTs into metallic powders can
decline the relative density of final CNT-metal compacts, if the agglomeration of CNTs is heavy
and their volume fraction is exceedingly high.

As a general conclusion, the aforementioned challenges should be considered simultaneously
in order to produce a CNT-reinforced metal matrix composite with superior properties. The present
paper provides a broad overview of these challenges and their potential effects on the properties of
CNT-dispersed metal matrix nanocomposites in some details. Also, the practical solutions to these
challenges are introduced and their positive influences on the physicomechanical properties of the
nanocomposites are studied. It is noteworthy that the full review of the potential effects of CNT
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addition on the physicomechanical properties of metallic systems is not the main purpose of the
present review paper. However, one can find such information in [21,22].

2. Metallurgical Challenges in CNT-Metal Matrix Nanocomposites

2.1. Dispersion of CNTs (Carbon Nanotubes)

To date, a wide variety of research works are conducted with the aim to produce CNT-reinforced
metal matrix nanocomposites with superior physicomechanical features for a broad range of functional
and structural applications. However, the incorporation of CNTs into the metallic matrices is severely
restricted due to both outstanding challenges: (i) Non-uniform dispersion of CNTs throughout the
metallic matrices, and (ii) weak interfacial adhesion between CNTs and metallic matrix. In comparison
to carbon particles and fibers, CNTs are more likely to be non-uniformly distributed inside the metallic
systems due to their comparatively high aspect ratio and extraordinary specific surface area [23].

2.1.1. Water Solubilization of CNTs

A majority of electronic, thermal, and optical applications in which CNTs are used for the
fabrication of novel devices or development of new emerging platforms need the large-scale production
of stable CNT suspensions with a uniform dispersion and no agglomeration [24]. It is while the van der
Waals attraction between CNTs results in their agglomeration and the formation of bundles (Figure 1)
due to high surface area [25]. To overcome this practical challenge, some solutions are suggested. Better
dispersion of CNTs in water as an important medium for biomedical and biochemistry applications is
recognized by various methods such as using surfactants, polymers or chemical functionalization [24].
As to the chemical functionalization, a covalent bond is established between the chemical species and
carbon atoms located at side walls or end caps of CNTs. However, this method suffers from two main
problems [23,26–28]:

(i) CNTs may shorten, get severe damages during the functionalization process, and lose their
superior mechanical properties and distribution of π-electrons. As a general rule, the electron
transport strongly depends on the surface structure of CNTs, because the structural damages can
serve as phonon scattering sites and interrupt the transport properties of nanotubes.

(ii) The strong acid solutions normally used for functionalization are hazardous to environment and
hard to handle.

Figure 1. SEM (scanning electron microscope) images of (a) multi-walled carbon nanotube (MWCNT)
bundles and (b) agglomerations [29] (Reproduced with permission from [29], Elsevier, 2012).

The aforementioned disadvantages have persuaded the researchers to develop other dispersing
methods based on non-covalent modifications to uniformly distribute CNTs in water. These techniques
benefit from two advantages over covalent functionalization methods:
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(i) They induce no damages to CNTs, so that the electron transportation along the nanotubes remains
intact; and

(ii) CNTs are capable of forming an ordered network through the supermolecules acting as
non-covalent modifiers. Among these modifiers, polymers and surfactants are the most
conventional. These agents can thread themselves onto CNTs (Figure 2a) or wrap themselves
around them (Figure 2b) [28,30,31]. Surfactants are also employed for dispersing CNTs in metal
matrix nanocomposites.

 
Figure 2. Non-covalent functionalization of carbon nanotubes (CNTs): (a) With a surfactant and
(b) with a polymeric agent [32] (Adapted with permission from [32], Elsevier, 2016).

2.1.2. Dispersion of CNTs into Metallic Systems

The practical results show that the dispersion process of CNTs inside the metallic matrices can be
completely different and more difficult than water media. This is because an intrinsically different
phase (i.e., metal) is added to the system which makes the process more complex. Among these
complexities, the CNT/metal interfaces and the poor wettability of CNTs by metal matrices are of prime
significance. As generally accepted, an increment in CNT content can result in further agglomeration
due to increased possibility of contacts between CNTs and decreased wettability. Therefore, dispersing
individual CNTs in metallic systems with the reasonable spacing is a critical challenge for engineers
and researchers [10,25].

The agglomeration of CNTs decreases the superior strengthening effects of nanotubes in
CNT-metal matrix nanocomposites and deteriorates their physicomechanical properties. Moreover,
the inhomogeneous dispersion of CNTs gives rise to non-homogeneity and anisotropy in these binary
systems. On the other hand, it may impede the full sintering and reduces the relative density, wettability
of CNTs, and resultant mechanical properties [16,33–35].

The above-mentioned challenges about the agglomeration and poor wettability of CNTs in
metallic matrices have persuaded the researchers to discover more-efficient methods to uniformly
distribute the nanotubes in these material systems. Their huge explorations have resulted in a wide
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variety of practical dispersion methods, although they are not classified into generally accepted
standard categories. In fact, some literature has suggested different arbitrary classifications of the
newly developed dispersion methods. For instance, they can be classified into four main groups:
(i) Pre-treatments such as functionalizing, ultrasonication, and surface treatments; (ii) Mixing CNT
with a metal precursor such as electrodeposition; (iii) Mixing CNT with a metal powders through
milling prior to the consolidation routes; and (iv) Post-treatments such as extrusion and rolling.

There are some different approaches for categorization of CNT dispersion methods. From the
phenomenological perspective, they may be classified into three main groups: (i) Colloidal mixing
in which physical reactions occur between CNTs and other species present in aqueous and inorganic
media; (ii) Chemical mixing through which CNTs react chemically with other components; and
(iii) Mechanical mixing which uses a mechanical force to detach CNTs from each other. However,
all the categorized groups have no distinct boundaries, so that one dispersing method can belong
to two or three groups in the same time. For instance, the ultrasonication method, which usually
belongs to colloidal mixing, can be categorized in the chemical mixing group, if a chemical reaction
occurs during the sonication of CNTs in the aqueous medium. As another example, the metallization
is considered as a chemical mixing method, but it needs a complementary mixing method such as
milling. As a result, the researchers have their arbitrary classification principles which are not general
rules. Furthermore, CNT-metal dispersion methods are progressively updated and modified, so that
the sharp boundaries between them are gradually faded. Table 1 summarizes some of the common
dispersion methods among which the milling, ultrasonication, the application of surfactants, and
metallization are explained in the next sections. Also, their possible challenges and suggested solutions
are extensively discussed.

Ball Milling

In this procedure, a milling container with several hard balls is used for dispersing CNTs inside
the metallic systems. During the milling, metal powders become fractured and welded again, so
that CNTs are entrapped between them [15,36]. Since the primary powders as well as CNT bundles
are entrapped between balls or balls and the container wall, the grinding motion of milling balls
separates the nanotubes from each other, destroys the agglomerations, and disperses CNTs among
the metallic powders. The milling time is one effective processing factor determining the degree of
dispersion. As the mixing proceeds, the agglomeration is alleviated. Moreover, in the initial steps of
milling, metallic powders have round shapes, and CNTs are dispersed at their surfaces. However, as
the mixing continues, soft metallic powders flatters, and CNTs are embedded in the powders [15,36].
Generally, the mechanical milling is less able to inhibit CNT agglomerations, as seen in Figure 3 [37].

 
Figure 3. CNTs agglomeration in 5 wt % CNT-Al blends processed by mechanical milling for 30 min [38]
(Adapted with permission from [38], Elsevier, 2011).
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To improve the CNT dispersion in metallic matrices, a process controlling agent (PCA) such as
polyacrylic acid (PAA) or methanol is usually used. These chemicals are utilized not only for better
dispersion, but also for CNTs functionalization (Figure 4).

Figure 4. TEM (transmission electron microscopy) images of (a) as-synthesized CNTs, (b) CNTs ball
milled with NH4HCO3 as a functionalizing agent and process control agent (PCA), and (c) CNTs
milled with no PCA. The presence of chemicals is shown to result in improved CNTs dispersion [81]
(Reproduced with permission from [81], Elsevier, 2008).

Despite the ability to functionalize CNTs, the mechanical milling is capable of in-situ alloying
as a subsidiary mechanism for strengthening CNT-metal matrix nanocomposites. Moreover, it can
produce the metallic nanostructures whose mechanical strength is higher than that of conventional
nanocomposites. Such grain structures arise from the formation of large numbers of dislocations inside
the metallic powders due to high plastic deformation.

As another advantage, a close control over the particle size and particle size distribution in ball
milled powder systems is possible. These characteristics are controlled by two competing mechanisms
during the milling: (i) Cold working, which results in decreased ductility, particle fracturing, and
reduced particle size; and (ii) Cold welding, which results in increased particle size [40,82,83].

Besides the aforementioned advantages, the mechanical milling may induce structural damages to
CNTs such as breaking or shortening, especially when the dwell time is extended. These defects confine
the processing time [84]. They may be also formed when the milling is conducted under inappropriate
practical conditions. The non-controlled milling results in formation of carbides through a chemical
reaction between the damaged nanotubes and reactive metallic powders such as Al. Such reactions
may occur even at comparatively low milling temperatures.

Among the various milling apparatuses, the planetary milling imposes less energy on metallic
powders and CNTs, especially in comparison with high-energy mechanical milling. The higher the
energy imposed on the powder blend, the higher the volume fraction of defective nanotubes will be [82].
In contrast, high energy milling can evenly embed CNTs in the metallic powders, while the planetary
milling is usually incapable of uniformly dispersing CNTs. It may persuade the CNT agglomerations
and locate them at the external surface of metallic powders rather the diffusion into them. Furthermore,
a useful combination of practical conditions is required to obtain high-quality nanocomposites [85].
Figure 5 shows the way the nanotubes may be mechanically dispersed throughout Al matrix.

It seems that the utilization of a chemical modification or a processing control agent as well as the
low energy milling technique can successfully reduce the structural damages of CNTs [82].

Another practical method to prevent the chemical reactions during the milling is the suppression
of heat-induced changes in metallic powders through cryogenic techniques. Cryogenic milling is
referred to as the milling procedure at very low temperatures (usually below 100 K). Such temperatures
give rise to the increase in brittleness of metallic powder, reduction in grain growth, resultant grain
refinement, and decrement in grain size. In this case, the hardness of CNT-metal matrix nanocomposites
increases by the Hall-Petch mechanism. Therefore, such methods are able to reduce the processing
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time and bring forth finer grains with the lowest possibility of chemical reactions. Interestingly, if
the cryogenic milling is conducted with the presence of carbon-containing PCA such as stearic acid,
their carbons may react with metallic powders and form carbides during the milling or subsequent
sintering processes [82].

 

Figure 5. SEM images of a CNT-Al blend after milling by high energy milling (a–d) and low energy
milling (e,f) [85]. The CNTs are uniformly dispersed and embedded in Al powders during high energy
ball milling, as shown by yellow arrows (Reproduced with permission from [85], Elsevier, 2011).

The CNTs are uniformly dispersed and embedded in Al powders during high energy ball milling.
However, their dispersion has not a uniform pattern, so that there are some Al powders with no CNT.
Conversely, all Al powders may obtain CNTs during the milling by low energy milling, but CNT
agglomerations still remain, and CNTs are located at the surface of Al powders [85].

In summary, if the best equipment as well as better control over processing conditions is utilized to
disperse CNTs among the metallic powders, each method has its own intrinsically certain ability, so that
if the CNT loading exceeds the optimal value of each technique (4–5 wt % CNT at the best conditions),
the nanotubes tend to form agglomeration. In this case, the pores and poor interfacial bonding can
degrade the mechanical properties as well as thermal and electrical characteristics of manufactured
CNT-containing metal matrix nanocomposites [86,87]. Consequently, many researchers believe that
such a dispersion method and arbitrary practical conditions have low potential to uniformly disperse
CNTs in metallic matrix. Some pros and cons of mechanical milling are listed in Table 1.

Ultrasonication

In this method, sound waves with high frequency are used for dispersing CNTs in a solution
composed of organic solvents or aqueous surfactants. In order to increase the solubilization of CNTs in
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water, the hydrophobic CNT surfaces can be modified by a wide range of surfactants and polymer
adsorbates. The mechanism by which the ultrasonication debunds CNTs in a solution containing an
aqueous surfactant is composed of four step: (i) A high local shear stress at the end of CNT bundles is
induced by the collapse of micro-bubbles formed during the ultrasonication; (ii) Surfactants diffuse
into and absorb on CNTs as soon as a gas bubble or gap is formed; (iii) The unzipping process takes
place along the longitudinal axis of a particular CNT; (iv) The individual surfactant-coated CNT is
released inside the solution [88].

It is worth mentioning that unzipping the individual CNTs from the bundles will not be completed
if there is no polymer absorbate or surfactant. This is because CNTs have van der waals attraction to
each other which may again [88].

However, the formation of hotspots during the ultrasonication which simultaneously increases
the local pressure and temperature may induce some defects in CNTs, form carbon-dangling bonds
at their sidewalls, and cut or chop the nanotubes. Such drawbacks decrease the effectiveness
of the ultrasonication as a useful method for dispersing CNTs in CNT-containing metal matrix
nanocomposites. In order to reduce these disadvantages, organic molecules, for example, poly (methyl
methacrylate) (PMMA) or monochlorobenzene (MCB) can be added to form reactive species during
the sonication. These species which are generated from decomposition of added organic molecules at
the hotspots can chemically react with dangling bonds of CNTs and are easily wiped through burning
in oxygen gas. This event may leave holes on the sidewalls [89].

As a holistic conclusion, the ultrasonication has a finite ability to disperse CNTs in metal matrix
nanocomposites. According to the literature, the acid-treated CNTs can be uniformly dispersed up
to 1 wt % in metallic matrices (such as Al) by this technique. Further addition of CNTs to the matrix
results in agglomeration and generation of micropores during the subsequent consolidation stage.
These defects may significantly decrease the mechanical, electrical and tribological properties of these
binary systems [13,14].

The Application of Surfactants

Active surface agents such as surfactants can significantly improve the surface conditions of CNTs
and prevent from their agglomeration and re-bonding. In general, these surface agents consist of two
parts: (i) A hydrophilic part with a polar head and (ii) A hydrophobic part coupled with a hydrocarbon
chain at the tail of the surfactant molecule. These modifiers enhance the metastability of the colloidal
suspensions by providing an electrostatic and/or steric repulsive force between CNTs and reducing
their surface energy. Depending on their head group charges, the surfactants are usually classified
into three different groups: cationic, anionic, and nonionic or zwitterionic [90]. One of the most
conventional anionic surfactants for CNT-reinforced metal matrix nanocomposites is SDS (soduim
dodecyl sulfate), wherein the sulfates and hydrocarbon chains act as hydrophilic and hydrophobic
parts, respectively. In fact, CNTs can interact with the hydrophobic part of SDS, so that an electrostatic
repulsion force is formed between the negatively charged CNTs and the hydrophilic sulfate groups of
SDS. Thus, it can remarkably affect the stabilization of CNTs in aqueous media [28]. There are quite a
few studies evaluating the application of SDS as a surfactant in metallic matrices. The surveys confirm
that there is a defined limit for inclusion of CNTs into the matrices. This is because if the critical level is
exceeded, the uniform dispersion of CNTs throughout the metallic matrices is not possible and further
incorporation leads to the formation of agglomerated particles [45]. The agglomerated particles can
impressively degrade the mechanical properties and functionality of the nanocomposites. However,
the introduction of SDS into the metallic systems can improve the CNTs dispersion.

Zwitterionic surfactants are a new class of widely used surface agents for dispersing CNTs in
metal matrices. Whereas they are polar and soluble in water, their solubility in organic media is limited.
They chiefly consist of cationic and anionic parts attached to the same molecule. The self-assembled
monolayers (SAMs) of these surfactants can be also formed on CNT bundles (Figure 6). In this case,
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the strong dipole/dipole attraction between SAMs and CNTs overcomes the present van der Waals
forces between the individual nanotubes and disassembles the ubiquitous bundles [91,92].

Figure 6. A schematic illustration of the mechanism by which zwitterionic surfactants disassemble
CNT bundles [47] (Reproduced with permission from [47], Elsevier, 2014).

The experimentations show that if the CNTs content exceeds 1 wt %, the agglomerated particles
will form all over the microstructure of the nanocomposites. Moreover, the processing parameters
deeply affect the way the nanotubes are dispersed throughout the matrix, where the mechanical
properties can be degraded because of employing an unsuitable process. It is ascribed to the formed
pores and degraded interfacial adhesion due to evaporation of the surfactant at high temperatures.
Post treatments (e.g., heat treatment) is often employed to remove such pores [92].

Another disadvantage is the lack of control on the reactions between CNTs and the metal matrices,
where the intermetallics can be generated as a result of unwanted reactions during the sintering
process [92].

It seems that there is an urgent need for other surface treatments such as coating to uniformly
disperse the high volume fraction of CNTs throughout the metal matrices.

Metallization

The outermost surface of CNTs can be coated by several metallic elements such as Cu, Ni, Co, Mo,
and W, if enhanced interfacial adhesion between CNTs and the matrix is greatly required. Such coatings
may contribute to the prevention of CNTs agglomeration all over the matrix [93,94]. It is demonstrated
that W-coated CNTs by metal-organic chemical vapor deposition (MOCVD) method can significantly
inhabit the CNTs agglomeration. This fact is shown in Figure 7. As clearly seen, the pores or air
bags at CNT/metal interface is removed as the main reason for improved interfacial adhesion [48].
The enhanced thermal conductivity of the composites is ascribed to the formation of desirable interface
which can remarkably reduce the thermal lost.

Similarly, it is shown that there is no intermetallic formation in the microstructure of (Mo-coated
CNT)-Al nanocomposites [16]. It is attributed to the presence of Mo layer, acting as an appropriate
barrier to the interfacial reaction between CNTs and the matrix. Additionally, the applied coating is
able to impressively increase the volume fraction of the uniformly dispersed CNTs. The mechanical
properties of these composites are proved to improve due to desirable dispersion of CNTs throughout
the matrix. Despite the improved mechanical behavior, the exploitation of such coatings may slow
down the electron movement all over the nanocomposites and deteriorate the electrical conductivity.
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Figure 7. SEM micrographs of (W-coated CNT)-Al nanocomposites fabricated by ultrasonication
method: (a) 5 vol % CNTs, (b) 10 vol % CNTs, (c) TEM micrograph of (W-coated 5 vol % CNT)-Al
nanocomposites, and (d) higher magnification of the selected area in (c) [48] (Reproduced with
permission from [48], Springer, 2012).

Effects of Dispersion Methods on Physicomechanical Properties

In addition to the consolidation and sintering techniques, the dispersion methods may greatly
influence the properties of CNT-containing metal matrix nanocomposites. A review on the literature
confirms that whenever the used dispersion method is inappropriately selected, so that it keeps
or forms CNT aggregates, the mechanical and functional properties of produced nanocomposites
may be degraded due to the formation of pores and poor interfacial boundaries between nanotubes
and metallic matrix. Figure 8 shows the hardness of some spark plasma sintered (SPSed) CNT-Al
nanocomposites as a function of CNT content for different dispersion methods. The aim behind the
selection of SPS as the sintering method and Al as the metal matrix is to eliminate the potential effects of
sintering process and chemical composition of metal matrix on the properties of these systems as much
as possible. As clearly seen, the highest hardness values can be achieved by the mechanical milling due
to the formation of severe plastic deformation-induced dislocations and defects in Al matrix. However,
if the dispersing process is not suitably controlled, its intrinsic potential will be obtained. For instance,
some dispersion techniques result in decreased properties when the CNT content exceeds 1–1.5 wt %.
As another example, if the metallization is not done in a suitable manner, or the coating layer is not
truly selected for the metal matrix, it cannot enhance the mechanical properties. Such a justification is
also applicable to ultrasonication. If the ultrasonication is carried out under non-controlled conditions,
the CNTs cannot play their positive role and reduce the mechanical properties after adding a low
CNT content.

The tensile strength of MMNCs-reinforced metal matrix nanocomposites has similar trends.
The incorporation of CNTs increases the tensile strength of metallic matrices, if they are homogeneously
dispersed and make a proper interfacial bonding with the matrix. However, by adding CNTs more
than the critical content, a heavy agglomeration occurs and the tensile strength is degraded (Figure 9).

Similar trends are also seen in the thermal conductivity of SPSed CNT-Cu or Al matrix
nanocomposites (Figure 10). Generally, the addition of CNTs to the metallic matrices decreases
the thermal conductivity due to the grain boundary-induced electron scattering. However, the
metallization can increase such a property through enhanced interfacial boundaries between nanotubes
and metallic matrix. Besides the metallization, the polymer wrapping and acid treatment can decrease
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the degradation of thermal conductivity of Cu matrix by adding CNT due to the formation of enhanced
interfacial boundaries. Such methods also have a limited potential to disperse CNTs. If the CNT
content exceeds an optimum limit, the agglomeration of CNTs will decrease the thermal conductivity
of these binary systems.

 
Figure 8. Hardness of some spark plasma sintered (SPSed) CNT-Al matrix nanocomposites fabricated
by various dispersion methods [13,16,36,95].

Figure 9. The tensile strength of some SPSed CNT-metal matrix nanocomposites fabricated by various
dispersion methods [14,96,97].
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Figure 10. Thermal conductivity of some SPSed CNT-Cu and CNT-Al matrix nanocomposites fabricated
by various dispersion methods [48,98–103].

2.2. Consolidation Challenge

The consolidation of pure metallic powders and their alloys is not a critical challenge, and pure
metallic parts with the full density can be obtained by various sintering methods such as hot pressing,
hot isostatic pressing, and spark plasma sintering. However, the addition of CNTs to the metallic matrix
may greatly affect the consolidation rate and relative density of the binary system. In fact, the poor
wettability between CNTs and metallic matrices and the formation of CNT agglomeration-induced
pores impede the densification and decrease the relative density of the nanocomposites; no matter
what the sintering method is. As a result, producing a fully dense CNT-reinforced metal matrix
nanocomposite is a critical challenge which highly depends on the dispersion of CNTs in the metallic
matrix. Actually, the selection of a proper dispersion method capable of homogeneously dispersing
CNTs can approach the relative density of the CNT-metal bulk systems to that of pure metals.

Figure 11 shows the relative density of different CNT-reinforced metal matrix nanocomposites as
a function of CNT content and dispersion method. As seen, the CNT ddition usually decreases the
relative density and sinterabillity of the metallic matrices. Moreover, an increment in CNT content
generally brings about more CNTs agglomeration and pores, decreasing the relative density. However,
if a proper dispersion method such as the metallization for Cu and electroless deposition for Ag is
utilized, CNTs will be homogeneously dispersed in metallic matrices with no declined density. It is
noteworthy that each dispersion method has a certain ability to homogeneously disperse CNTs in a
specific metallic matrix. If the CNT content exceeds the maximum ability of a mixing method, the
agglomeration will occur. For instance, as seen in Figure 11, CNTs up to 2.5 vol % are homogeneously
dispersed in Ag matrix through the electrodeposition method. Further an increase in CNT content
may degrade the consolidation by inducing the agglomerates and pores.

As a conclusion, the consolidation of CNT-containing nanocomposites highly depends on
the uniformity degree of dispersed CNTs. It implies the importance of the dispersion method
to achieve a fully dense part. The employment of a suitable dispersion method and addition of
CNTs below the critical content may assure the manufacturing of fully dense CNT-reinforced metal
matrix nanocomposites.
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Figure 11. The relative density of some SPSed CNT-metal matrix nanocomposites fabricated by
different dispersion methods [16,48,49,96,104].

2.3. Chemical Reaction with Metallic Matrix

2.3.1. Thermal Decomposition of Pure CNTs

A review on the literature confirms the effective function of CNTs on the structural and
functional characteristics of CNT-containing bulk materials. To exploit the full potential of CNTs
in nanocomposites, one should deeply understand the structural phenomena and microstructural
interactions likely occurring during the synthesis or post-treatments of these new emerging materials.
The first key to this issue is the profound consideration of structural transitions and phase
transformations of CNTs in pure state and in exposure to a metallic matrix, because they can adversely
affect the intrinsically superior properties of pure CNTs [105–109]. Table 2 summarizes the recently
reported structural transitions of pure CNTs in a variety of densification methods and their influences
on the properties. As seen, less empirical results are reported in the literature addressing these
structural changes. In general, any allotropic transition in CNTs is highly undesirable, because
it can limit the intrinsically unique features of nanotubes in electronic aspects and load bearing
performances [110–112].

An overwhelming majority of reports about the conversion of CNTs to other allotropes is
associated with spark plasma sintering, where high pressure and elevated sintering temperatures
persuade any thermally activated phase transformation [105,106,113,114]. However, other
consolidation techniques such as hydrogen plasma [115], high-pressure/high-temperature annealing
heat treatment [116–118] and chemical vapor deposition (CVD) [107,108,119] can thermally decompose
the structural geometry of nanotubes. As a practical conclusion, the engineers often strive to prevent
from the thermal degradation of CNTs in both pure state and composite form, since it can vanish the
final properties [120]. Hence, one can determine two temperature regimes for CNT allotropic phase
transformations depending on whether CNTs are preserved: (i) low-power regime and (ii) high-power
regime. In the first case, known as safe regime, the processing pressure and temperature are sufficiently
low, so that the thermal power cannot destroy the integrity and tubular morphology of nanotubes
and thermally activate the mechanisms by which CNTs can structurally convert to other allotropes.
In the second case, the elevated temperature or high applied pressure can persuade the thermal
decomposition of nanotubes. There is not any sharp temperature boundary between these regimes,
depending on the kind of consolidation procedures, type of matrix exposed to CNTs, and activated
sintering mechanisms [121].
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In summary, CNTs may transform into other thermodynamically stable allotropes during the heat
treatment process. Among these allotropes, cubic diamond [105], n-diamond [122], mono/multi-layer
graphene [106], and graphite sheets [107] are the most extensively reported. However, the way these
allotropes can affect the final properties are highly contradictory. Whereas some literatures refer to the
deterioration of physicomechanical properties of CNT-based bulk materials, others put emphasis on
the drastic improvement of some properties [106,123]. On the other hand, there is no consensus among
researchers regarding what temperature range guarantees the conversion of CNTs to other carbon
allotropes and which forms of new phases can be formed. For instance, Zhang et al. [123] evaluated
the microstructure, mechanical and electrical properties of spark plasma sintered CNTs in pure state
and demonstrated the in-situ formation of graphene nanosheets at 1700–2000 ◦C. It was shown that the
formed graphene nanosheets are responsible for improved electrical conductivity in these conditions.
Figure 12 indicates the TEM image of this formed graphene nanosheet at 2000 ◦C.

 

Figure 12. TEM image of graphene nanosheet formed during spark plasma sintering at 2000 ◦C [123]
(Adapted with permission from [123], Elsevier, 2013).

2.3.2. Chemical Reactions

The chemical reactions between CNTs and metallic matrices can be categorized into two different
aspects: (i) The partial chemical reaction at CNT/metal interface and (ii) the complete chemical reaction
of CNTs with metallic matrix. If controlled, the former is favorable for the load bearing applications,
but the latter can bilaterally affect the physicomechanical properties of CNT-dispersed metal matrix
nanocomposites. In the next sections, the practical and scientific aspects of these chemical reactions
will be addressed in some details.

Complete Chemical Reactions

(a) CNT-Reinforced Al Matrix Nanocomposites

A review on the literature confirms that Al4C3 is the most common in situ formed intermetallic
in CNT-reinforced pure Al matrix nanocomposites. However, other intermetallics such as SiC can be
formed during the reaction between the alloy matrix and CNTs. In fact, the chemical composition of the
formed intermetallics strongly depends on the fabrication temperature and the chemical composition
of the alloy matrix. The kinetics of the carbide formation at temperatures lower than Al melting
point is negligible. Moreover, the presence of some alloying elements can significantly control the
final properties of the nanocomposites. Two different sources are suggested for the formation of
Al4C3: (i) Used process control agents (PCA) during the milling process such as stearic acid and
(ii) incorporated CNTs. Also, the processing parameters such as temperature, post treatment variables
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and the size of initial CNTs play an important role in the formation of carbides and controlling
their volume fraction, morphology, and geometrical dimensions. It is found that the morphology of
Al4C3 can be easily changed by applying the post heat treatment or the presence of initial defects
in CNT structures. Four types of morphologies including whisker-like, dumbbell-like, needle-like,
and tube-like ones can be observed for Al4C3 particles, depending on the post treatment conditions
and the purity of initial CNTs. Similarly, the volume fraction of the formed carbides deeply depends
on the geometrical size of initial CNTs. Generally speaking, the presence of carbides at CNT/Al
interfaces improves the mechanical properties of the nanocomposites. It is attributed to the enhanced
load transfer between the matrix and reinforcements as a result of carbide formation at the interface.
The strengthening effect of the formed carbides depends on their thickness, so that the formed carbides
will dissolve back into the melt if the critical thickness is less than a critical limit.

The in situ formation of Al4C3 at the Al/CNT interface has been subjected to the extensive research
studies. Some research works have considered the precipitation of Al4C3 as one of the predominant
strengthening mechanisms in CNT-dispersed Al matrix nanocomposites. This compound forms during
a chemical reaction between Al matrix and CNTs as:

4Al + 3C = Al4C3

ΔG = −289,512 + 60T, T < 660 ◦C
(1)

The free energy (ΔG) of this reaction is negative by the melting point (660 ◦C) of Al. It means that
Al4C3 is thermodynamically stable at temperatures lower than 660 ◦C. Coincidently, the formation of
this carbide at temperatures lower than 660 ◦C is also reported [128].

The mentioned reaction can be explored for ball milled CNT-Al powder blend. In this case, Al4C3

can be formed when the energy state of the mixed powders reaches to a sufficiently high level. It is
believed that the long-term milling process can seriously damage the CNTs structure and lead to the in
situ formation of Al4C3 [87,129]. For instance, Ostovan et al. [87] evaluated the microstructure of the
milled powders for 8 and 12 h. It was found that the needle-like Al4C3 is just formed after the milling
for 12 h. It was attributed to the long-term milling-induced damage in CNTs. As a basic conclusion, the
possible CNT amorphization during the sintering process as well as the formation of crystallographic
defects in CNTs can significantly facilitate the formation of Al4C3. It is ascribed to the synergetic effects
of instability of milled powders after the long-term milling, and generated driving force as a result of
thermal processing such as sintering [87].

The literature have suggested two different sources for Al4C3 formation: (i) Used process control
agents (PCA) during the milling process, (e.g., stearic acid) and (ii) incorporated CNTs. Since the stearic
acid is composed of oxygen, carbon, and hydrogen atoms, it can be decomposed into its constituent
elements during the long-term milling. On the other hand, the milling process can significantly damage
the CNTs structure and enhance their amporphization [130]. The produced atomic carbon from the
mentioned sources can easily react with the matrix Al to form Al4C3. More importantly, the formation
of Al4C3 may consume the CNT walls or the entire CNT [129].

If the alloy matrix is used, other intermetallics can be formed beside Al4C3. The chemical
composition of the formed intermetallics strongly depends on the alloying elements. For instance,
Al4C3 and SiC can be formed as a result of the reaction between Al-Si alloy matrix and CNTs. Bakshi
and coworkers [131] showed that the formation of each intermetallic corresponds to the Si weight
percent at the fabrication temperature, as shown in Figure 13. As seen, the more the Si content in
the alloy, the more SiC particles will form. It is ascribed to increased amount of Si in the liquid melt
due to the reaction between Al and C to form Al4C3. It can increase the activity of Si to form SiC.
Both reactions will proceed in the same manner until all of carbon content is completely exhausted.
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Figure 13. The chemical composition dependence of formed intermetallics on Si weight percent and
fabrication temperature [131] (Reproduced with permission from [131], Elsevier, 2009).

In CNT-(Al-Si) nanocomposites, the poor wettability arises from a major difference between the
surface tension values of the alloy matrix (about 800 mN·m−1) and CNTs (about 45 mN·m−1) [33].
However, the literature have reported improved wettability with the generation of some intermetallics.
It is attributed to reduce contact angle between the alloy matrix and CNTs through the infiltration of
Al-Si melt into CNT clusters [131].

The formation kinetics of Al4C3 at temperatures lower than Al melting point is slow. For the
binary composites in which CNTs react with Al matrix chemically, the presence of alloying elements
can significantly control the final properties, because the chemical composition may affect the
thermodynamic aspects of the Al4C3-forming reaction [132].

The processing parameters such as temperature, post treatment variables and the size of initial
CNTs play an important role in the formation, volume fraction, morphology, and size of the formed
carbides in CNT-Al matrix nanocomposites. These compounds can be precipitated at different locations.
For instance, the nano-sized Al4C3 particles often form on the external surface of CNTs as a result
of a reaction between Al and CNT-derived amorphous carbon. In the case of partially graphitized
CNTs, the carbides are evolved at the end of damaged CNTs. It is shown that only a little amount of
MWNTs can react with the matrix to generate carbides and contribute to enhanced properties of the
composites [133].

There are two main factors affecting the morphology of the formed compounds during the reaction
between the matrix and CNTs: (i) Post treatment, and (ii) internal defects of CNTs. The morphology of
Al4C3 precipitates strongly depends on post heat treatment temperature. It has been reported that the
carbides grow in the form of nanosized whiskers at 950 ◦C, while they are more likely to disappear
at comparatively lower temperatures [133]. Additionally, one can suppress the formation of these
carbides through the close control over the sintering conditions, i.e., the sintering temperature should
be kept below Al melting point [134]. Figure 14 exhibits the elongated Al4C3 precipitates formed
as a result of a high-temperature heat treatment. As obviously seen, the longer the heat treatment
temperature, the more elongated the carbides are.

In addition to the processing parameters, the internal defects of nanotubes can also change the way
the precipitates are evolved. Two fascinating types of morphologies are reported for Al4C3 particles,
i.e., dumbbell-like and tube-like. Whereas the first morphology arises from the CNTs tips, the second
case originates from defective CNTs [135]. Figure 15 indicates SEM images of grown nano-whiskers
during annealing treatment at 950 ◦C.
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Figure 14. HRTEM (High resolution transmission electron microscope) images of MWNT (multi-walled
nanotubes)-reinforced Al matrix nanocomposites heat treated at: (a) 873 K for 6 min and (b) 883 K for
60 min [132] (Adapted with permission from [132], Elsevier, 2016).

 

Figure 15. SEM images of (a) grown nano-whiskers during annealing treatment at 950 ◦C, and (b) the
formation of nano-whiskers on the Al grains, as shown by the white arrows [133] (Adapted with
permission from [133], Elsevier, 2006).

The geometrical size of initial CNTs is one of the affecting parameters controlling the volume
fraction of the formed carbides. The empirical results show that Al4C3 particles can easily arise from
MWNTs with 40 nm in diameter, while the amount of Al4C3 seems to decrease with an increase in
diameter by 140 nm examined from the XRD results [38].

Albeit the development of Al4C3 carbides in CNT-Al matrix nanocomposites is of prime
significance, the way they can affect the microstructure-related and mechanical properties is more
important. As generally believed, the presence of carbides at CNT/Al interfaces improves the
mechanical behavior of these nanocomposites. This is because the carbides can enhance the matrix
capability to efficiently transfer the external load to nanotubes. This approach is in good agreement with
the results reported by Tjong et al. [136], Esawi et al. [137], Kwon et al. [130,135] and Chen et al. [138].
Table 3 gives some information about the presence of Al4C3 in some CNT/Al composites with high
strengthening effect. The results indicate that the formation of Al4C3 maybe doesn’t have an adverse
effect on the composite strength. The recent study by Chen et al. [138] reveals that nano-sized interfacial
Al4C3 can noticeably enhance the load transfer efficiency, resulting in improved composite strength.

The way the intermetallics affect the final properties of the nanocomposites strongly depends on
their thickness. The critical thickness is estimated as [131]:

tcri = −VM × (Δγ/ΔGf) (2)
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where VM is the molar volume of the formed carbide, Δγ is the increase in total surface energy due to
newly formed interfaces, and ΔGf is the free energy of formation per mole of carbide. Further growth
of the formed carbides can be achieved when the thickness reaches to a critical value. It can remarkably
improve the wettability through diminishing the contact angle [131].

Table 3. The variation of tensile strength in CNT-dispersed Al matrix nanocomposites with the volume
fraction of Al4C3 precipitates (SPS: Spark plasma sintering).

Amount of
Added CNTs

Fabrication Method
Increase in Tensile
Strength Value (%)

Ref.

2 wt % MWNTs Sintering → hot extrusion 57.5 [139]
5 vol % MWNTs SPS → hot extrusion 128 [120]
5 wt % MWNTs Sintering → pressing → annealing 184 [128]

The in situ carbides evolved in CNT-(Al-Si) nanocomposites grow through two different pathways:
(i) At the Al4C3/Al-Si interface and (ii) at the Al4C3/CNT interface. In accordance with the suggested
model, the diffusion of carbon atoms present in CNTs structures act as the predominant mechanism for
vertical growth of Al4C3 [131]. Figure 16 gives a schematic illustration of vertical and parallel growth
of the carbides on CNTs.

 

Figure 16. A schematic view of growth mechanisms of Al4C3 dispersoids on CNTs. It indicate the
vertical migration of Al and C atoms for the formation of Al4C3 carbides [131] (Reproduced with
permission from [131], Elsevier, 2009).

As a summary, the formation, volume fraction, morphology, and size of the formed carbides
in CNT-Al matrix nanocomposites depend on the processing parameters such as temperature, post
treatment and purity of the initial CNTs. The in situ formed intermetallics can improve the mechanical
properties of CNT-reinforced Al matrix nanocomposites through enhanced load transfer between the
matrix and the reinforcements.

(b) CNT-Reinforced Ti Matrix Nanocomposites

A review on the literature confirms that TiC is the most common in situ formed intermetallic
in CNT-reinforced Ti matrix nanocomposites. This compound often forms at the boundaries of the
sintered powders, if the initial CNTs are wrapped by initial Ti powders. The minimum reaction
temperature required for the generation of TiC precipitates is 800 ◦C. The evaluation of the kinetic
aspects of TiC formation in CNT-Ti binary systems has proved the faster formation kinetics of TiC
compared to CNTs. The volume fraction of the formed TiC dispersoids differs with the chemical
composition of the incorporated carbon allotrope into Ti matrix, e.g., CNT and graphite. TiC particles
may form in two different morphologies including spherical and elongated ones. The applied
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dispersion method for mixing the initial powders, processing parameters such as sintering temperature
and the initial volume fraction of CNT, as well as the application of post heat treatments can
remarkably affect the mechanical properties of the composites. Generally, the empirical results have
demonstrated the positive effects of the formed intermetallics on the physicomechanical properties of
the nanocomposites.

There are several intermetallic compounds which can be formed during the reaction between
Ti and carbon allotropes. Among these compounds, TiC is the most common [18,140]. It can be
formed during a solid-state reaction between Ti and CNTs [18,140,141]. The standard free energy of
the reaction may be obtained using the following equation:

ΔG = −184,571.8 + 41.382T − 5.042T × lnT + 2.425 × 10−3T2 − 9.79 × 105/T (T < 1939 K) (3)

The minimum reaction temperature required for the generation of TiC precipitates in CNT-Ti
binary systems is 800 ◦C. These particles often locate at the boundaries of the sintered powders,
provided that the initial CNTs are wrapped by initial Ti powder. It is found that reaction between
the nanotubes and Ti matrix is promoted by an increment in the sintering temperature [141]. As to
CNTs, the mentioned reaction is fast and produces more TiC particles. Thus, TiC dispersoids are the
dominant phase in the microstructure.

The volume fraction of the formed TiC precipitates strongly depends on which carbon allotrope is
incorporated into Ti matrix. Figure 17 shows the microstructure of Ti matrix reinforced with 0.4 wt %
CNTs or 0.4 wt % graphite. As clearly seen, higher amounts of TiC dispersoids are present throughout
Ti matrix in the MWNTs-reinforced composite (as indicated by white arrows) [142].

Figure 17. Optical images of Ti matrix reinforced with: (a) CNTs and (b) graphite [142] (Adapted with
permission from [142], Elsevier, 2013).

TiC particles can form in different morphologies. For instance, Kondoh et al. [140] have shown
the formation of two different shapes of TiC particles, namely spherical particles and elongated
ones. Spherical particles are evolved as a result of incomplete disassembling of MWNTs, while
extrusion-induced severe plastic deformation leads to the generation of elongated ones. Thus,
the post treatment can affect the morphology of the formed intermetallics. Figure 18 shows the
microstructure of the extruded composites, wherein Figure 18a indicates the uniformly distributed
reinforcements throughout Ti matrix and Figure 18b confirms the desirable bonding between Ti matrix
and TiC particles.

The experimental measurements confirm the positive influence of TiC precipitation at CNT/Ti
interfaces on the physicomechanical properties of these nanocomposites [18,35,50,140]. The higher
the volume fraction of incorporated CNTs, the superior the mechanical properties of the composites
are [18,140]. However, the exact strengthening mechanism of intact CNTs has not been clarified [18].
As practical variables, the used method for mixing the initial powders, processing parameters such
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as sintering temperature, and initial volume fraction of CNTs, as well as the post heat treatment can
remarkably affect the mechanical properties of the composites [18]. In the case of the mixing method,
Munir et al. [143] have demonstrated that unlike the solution ball milling (SBM) process, TiC can
be formed when the initial powders (Ti powder + 0.5 wt % MWNTs) are mixed by high energy ball
milling. However, the in situ TiC particles can be formed by using both methods whenever 1.0 wt %
MWNTs are incorporated into Ti matrix. As to the potential effects of the processing parameters on
the mechanical behavior of CNT-Ti matrix nanocomposites, Xue et al. [141] have demonstrated that
the compressive yield strength of the nanocomposites decreases with an increase in the sintering
temperature before a slight rise. This is originated from the combined effect of increased relative
density and structural damage of CNTs. Finally, the relative density of in situ formed TiC dispersoids
increases with an increment in the volume fraction of initial CNTs. Thus, the higher the initial CNTs
volume fraction, the better the mechanical properties will be [142]. In the case of the way a post heat
treatment can affect the mechanical behavior, it is shown that the properties can be degraded upon
increasing the post annealing temperature. This decrease is “gradual”, because the presence of TiC
dispersoids throughout Ti matrix may drastically prevent Ti particles from the extreme coarsening
through the particle-pinning mechanism [18].

 

Figure 18. Extruded CNT-dispersed metal matrix nanocomposites: (a) Optical image of the binary
systems and (b) SEM image of TiC/Ti interface [140] (Reproduced with permission from [140],
Elsevier, 2009).

As a summary, the incorporation of CNTs into the Ti matrix can drastically enhance the tensile
strength, yield strength, and microhardness values of the matrix. It may be ascribed to the dispersion
effect of un-bundled CNTs and in situ formed TiC particles, as shown in Figure 19.

 

Figure 19. SEM image of fracture surface of CNT-Ti nanocomposites in different magnifications [140]:
(a) ×5000; (b) ×65,000 (Adapted with permission from [140], Elsevier, 2009).
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(c) CNT-Reinforced Mg Matrix Nanocomposites

Mg and its alloys are not able to sufficiently wet CNTs. To solve this practical challenge, two
general approaches have been suggested: (i) Coating of CNTs by a metallic thin film and (ii) alloying Mg
matrix with appropriate elecments. The first solution can efficiently enhance the interfacial adhesion
through the prevention of CNTs from clustering. Clustering of CNTs adversely alter the interfacial
bonding, resulting in deteriorated mechanical properties. It is found that an intermetallic compound
(Mg2Ni) can be generated through wrapping CNTs by a Ni-based coating and alleviate decreased
properties in Mg matrix composites. It is ascribed to an improved bonding at the interface, enhancing
the mechanical properties of the nanocomposites with no significant decrement in ductility [12].
From this perspective, the utilization of Mg-Al alloys (AZ-type) such as AZ31, AZ81, Mg-3Al-1Zn, and
Mg-6 wt % Al instead of pure Mg is strongly recommended because of the easy formation of ternary
Al2MgC2 compounds.

Depending on the chemical composition of used Mg alloy matrix and CNTs coatings, the several
intermetallic phases of different stoichiometries may form among which Al2MgC2, Al3Mg2, Al12Mg17,
Al4C3, and Mg2Ni are of prime significance [144]. Figure 20 shows the needle-like morphology of
Al2MgC2 ternary carbides.

 

Figure 20. TEM image of (Mg-6 wt % Al)/CNT interface, indicating the in situ formation of needle-like
ternary carbides (Al2MgC2) [144] (Reproduced with permission from [144], Elsevier, 2011).

The precipitation of the interfacial intermetallics has an optimum limit, so that the mechanical
properties of the nanocomposites may be weakened whenever it is exceeded. Therefore, a close control
over the interfacial reactions between CNTs and Mg is highly required. These reactions proceed
by simultaneous diffusion of the matrix atoms and carbon atoms present on the superficial regions
of CNTs toward the preferred reaction sites. To confine Mg-CNTs reactions along the interfaces,
employing a short-term method such as microwave sintering has been suggested. The long-time
contact between the matrix and reinforcements may drastically degrade the mechanical properties of
the nanocomposites due to the formation of excessive content of the intermetallics [12].

As previously discussed, if the precipitation rate of the intermetallic compounds are closely
controlled, enhanced properties can be obtained. This enhancement can be justified by three different
mechanisms: (i) Grain refinement, (ii) improvement in load transfer from the matrix to reinforcements,
and (iii) appropriate wettability. For instance, it is shown that the Al4C3 phase often acts as a suitable
grain refiner and boosts the tensile strength of CNT-AZ81 nanocomposites [19]. As another example,
the formation of SiC during the sintering of MWNTs-AZ91 powder blend facilitates the load transfer
from the matrix to MWNTs and enhances the mechanical properties of produced composites [145].
In addition, the mechanically improved behavior of (Ni-coated MWNTs)-Mg composites is ascribed to

27



Metals 2017, 7, 384

the presence of an adherent and void-free MWNTs /Mg interface due to Mg2Ni precipitation. Figure 21
shows Mg2Ni dispersoids at the MWNTs/Mg interfaces [12].

 

Figure 21. TEM image of (Ni-coated MWNT)-Mg composites, showing the presence of Mg2Ni
intermetallic at the interface [12] (Adapted with permission from [12], Elsevier, 2014).

Similar to CNT-Al and CNT-Ti binary systems, the precipitation of the mentioned intermetallics
may bilaterally affect the mechanical properties of CNT-dispersed Mg matrix nanocomposites.
The poor failure strain of the composites is attributed to the ubiquitous presence of coarse intermetallic
particles. The initial volume fraction of incorporated CNTs, formation of intermetallics, and quality
of the formed interface between the Mg and nanotubes are the important factors in determining
the mechanical properties of the nanocomposites. It is shown that an increase in the initial
amount of incorporated CNTs may promote the refinement of coarse grains and enhance the failure
strain [146,147]. Figure 22 shows the evolved microstructure of CNT-AZ31 nanocomposites produced
using the disintegrated melt deposition technique followed by hot extrusion. As seen, the formed
Mg17Al12 particles are distributed at or along α phase boundaries and give rise to the grain refinement
of Mg matrix [148].

 
Figure 22. Optical image of (a) AZ31 and (b) 1 vol % CNT-AZ31 nanocomposites fabricated through
the disintegrated melt deposition technique followed by hot extrusion at 350 ◦C. In these systems,
Mg17Al12 intermetallics are abundantly formed. These compounds are manifested by black regions,
while white regions exhibit α-Mg [148] (Reproduced with permission from [148], Springer, 2012).
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The formation of the mentioned intermetallics enhances the mechanical properties of CNT-Ti
matrix nanocomposites through guaranteeing the suitable wetting between the matrix and nanotubes.
It can significantly prevent the microscale cavities which form at the Ti/CNT interfaces and contribute
to improved mechanical properties [12]. Additionally, the formed intermetallics can improve the
mechanical properties of the nanocomposites through the restriction of mechanical deformation [148].
The formation of a clean interface with no impurity or defect is shown to improve the mechanical
properties [144]. A recent study by Rashad et al. [146] showed that the formed intermetallics in
MWNTs-dispersed Mg-3Al-1Zn alloys are refined with the CNTs inclusion. Figure 23 indicates the
schematic demonstration of Mg17Al12 generation at the interface of Mg-3Al-1Zn/MWNTs composite,
where the coarse particles of Mg17Al12 can be refined through the incorporation of MWNTs into
the matrix.

Figure 23. A schematic view of Mg17Al12 particles formed in Mg-3Al-1Zn/MWNTs nanocomposites
prepared by powder metallurgy method. The incorporation of MWNTs can drastically refine
the particles (β phase corresponds to Mg17Al12) [146] (Reproduced with permission from [146],
Elsevier, 2015).

A review on the literature confirms that recent research works have strived to attribute
the enhanced properties of CNT-Mg composites to the formation of different intermetallics.
Fukuda et al. [144] have resorted to Al2MgC2 compound. However, an opposite trend has been
observed by Pei et al. [110], where Al2MgC2 strengthens the carbon nanofiber/Mg interface, but
simultaneously leads to decreased mechanical properties. It is ascribed to the difference in the extent
of graphitization. In other words, produced Al2MgC2 intermetallic in CNT-reinforced composites
insignificantly affects the CNTs strength. Table 4 provides the readers with an overview of the
fabrication method, chemical composition of the possible intermetallic compounds, and variations in
mechanical properties of the composites.
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As another interesting result, a slight increment in relative density of CNT-Mg nanocomposites
has been observed owing to the formation of in situ intermetallics. For instance, it is found that the
incorporation of 0.3 wt % Ni-coated CNTs into Mg matrix increases its density by 0.01 g/cm3 [12].

(d) CNT-Reinforced Cu Matrix Nanocomposites

Similar to Mg and its alloys, Cu is not able to sufficiently wet CNTs. This is because there is a
significant difference between the surface tension of Cu and CNTs. Furthermore, it is not expected
that Cu reacts with CNTs in conformity with Cu-C phase diagram. Instead, some fissures may form at
Cu/CNTs interfaces [149]. Figure 24a shows such an obvious crevice at the interface. The addition of
Ti to Cu matrix eliminates these crevices through the formation of a thin TiC layer at the interface, as
shown in Figure 24b. Such crevices can significantly degrade the final properties of the nanocomposites,
e.g., thermal conductivity, which will be discussed in the next section.

 

Figure 24. TEM images of CNT/Cu interfaces: (a) The formation of a pronounced crevice due to the
lack of wettability and (b) the precipitation of in situ TiC layer as a result of Ti addition to pure Cu
matrix [149] (Reproduced with permission from [149], Springer, 2013).

The improvement of the interfacial bonding between Cu matrix and CNTs has been the focus of
many research works. One of the suggested solutions is alloying of Cu matrix using carbide forming
elements such as Cr and Ti. It can lead to the precipitation of Cr3C2, TiC, and Cr7C3 carbides. The open
ends of CNTs and carbon atoms present on the wall defects can serve as the carbon source reacting
with Cr [150]. These carbides are generated at the appropriate sites including broken surfaces and
reactive edges of the tubes through various bonding mechanisms such as rope anchors, chain-link
structures and bridges [151]. The standard free energy (ΔGθ

T ) of the reactions may be obtained using
the following equations [152]:

3Cr + 2C(g) → Cr3C2 (4)

ΔGθ
T = − 72.333T × ln T + 0.062T2 + 1, 345, 000T−1 − 0.00001T3 + 744.180T − 110, 762.634

7Cr + 3C(g) → Cr7C3 (5)

ΔGθ
T = −114.064T × ln T + 0.108T2 + 1, 772, 000T−1 − 0.0000192T3 + 706.278T − 218, 451.845

Ti + C → TiC (6)

ΔGθ
T = −27.75T × ln T + 0.0241T2 + 665, 300T−1 − 0.0000003T3 + 191.888T − 194, 857.227

In general, Cu-Ti compounds precipitate during SPS, if the Cu-Ti alloy is used as matrix. It is while
the Cu-Ti compounds may be decomposed into TiC during the sintering process. The formation of TiC
proceeds through the reaction between CNTs and Ti diffused from the primary particle boundaries [20].
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An island-shaped Cr7C3 can form as a result of a chemical reaction between the open tip of
MWNTs and diffused Cr. Other carbides can be evolved due to a reaction between defective sidewalls
of MWNTs and Cr atoms [49]. It is shown that the formed carbides at the tip of MWNTs can provide
superior load transfer, because they are in contact with more amounts of graphene layers [153].

The studies show that the controlled formation of C-Cu intermetallic compounds at Cu/CNTs
interfaces can noticeably improve the physicomechanical properties, thermal conductivity, pitting
corrosion resistance, and electrical conductivity of these binary composites. The major strengthening
mechanism responsible for this enhancement is the improved load transfer from the matrix to CNTs as
a result of carbides precipitation. From mechanical point of view, the Cr7C3 particles are reported to
effectively transfer the applied tensile loads to MWNTs in CNT-(Cu-Cr) nanocomposites [153]. Also,
the yield strength of Cu-Ti alloy increases by 88% through the inclusion of CNTs. It is ascribed to the
synergic combination of plastic deformation and stronger interfacial bonding induced by the formation
of a thin TiC layer [154].

The literature confirms the degraded thermal conductivity of MWNTs-reinforced pure Cu matrix
composites due to the poor interfacial bonding at the CNT/Cu interface. Alloying of Cu matrix
may modify superficial regions of MWNTs and drastically enhance the thermal conductivity of the
nanocomposites due to increased heat transfer. Improved interfacial bonding is attributed to the
carbides formation. Another suggested approach to improving the interfacial bonding is the coating
of MWNTs by a metallic layer. Nonetheless, the thermal conductivity of these composites may
be considerably degraded due to the formation of excessive impurities during the coating process.
In contrast, the generation of metallurgical bonds between Cu-Ti alloy matrix and MWNTs improves
the thermal conductivity of the composites due to the formation of TiC dispersoids. This compound
can facilitate the electron-phonon coupling and prevent their scattering [149]. As another typical
example, the superior thermal conductivity of CNT-(Cu-Cr) nanocomposites can be achieved through
the generation of Cr3C2 at the interface. These precipitates are perfectly capable of improving the heat
transfer efficiency by strengthened interfacial bonding. Figure 25 indicates the precipitation of Cr3C2

at the CNT-(Cu-Cr) interface. As a general rule, if the intermetallic compounds form at the interface
of these composites, the thermal conductivity will be enhanced. Furthermore, the volume fraction
of initial CNTs strongly affects the thermal conductivity of the nanocomposites, wherein the thermal
conductivity increases with an increment in the initial volume fraction of CNTs, as shown in Figure 26.

Figure 25. TEM image of Cr3C2 precipitates at the CNT-(Cu-Cr) interface [150] (Adapted with
permission from [150], Springer, 2013).

As to the electrochemical activity, the presence of the mentioned intermetallics may increase the
pitting corrosion resistance of MWNTs-dispersed Cu matrix nanocomposites. This effect is related to
enhanced passivation originated from the formation of the carbides. This is the case for the electrical
conductivity. The enhancement in electrical properties of Cu-Ti solid solutions reinforced with MWNTs
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can be obtained upon the formation of ubiquitous intermetallic compounds. These carbides diminish
the concentration of Ti atoms in the matrix solid solution and statistically reduce the scattering sites
of charge carriers [20]. For the pure Cu matrix, a similar improvement is observed. It is ascribed to
enhanced electron transport as a result of strong interfacial bonding originated from TiC formation at
MWNTs-Cu interfaces [154].

Figure 26. Thermal conductivity of CNT-(Cu-Cr) nanocomposites as a function of initial volume
fraction of CNTs [150] (Reproduced with permission from [150], Springer, 2013).

In summary, the mechanical, corrosion-related, and electrical properties of the nanocomposites
can be enhanced through the in situ formation of some intermetallics as a consequence of improved
load transfer, enhanced passivation and suitable electron transport.

(e) Other Composites Systems

Intermetallic compounds can be formed at the interface of pure Ni matrix and CNTs. In most cases,
the formation of intermetallic compounds such as a metastable hexagonal Ni3C at the defect sites of
tubes can significantly improve the mechanical properties of CNT-dispersed Ni matrix nanocomposites
due to the formation of strong interfacial bonds [52]. Such a scenario is observed in Fe alloys. In these
alloys, the iron carbides form as a result of a chemical reaction between the iron matrix and included
CNTs. Microstructure-related and mechanical properties of the composites are drastically affected
by the carbides formation. Lin et al. [155] proved the deterioration of mechanical properties in these
composites with carbides precipitation; albeit the reason has not been discussed.

Partial Chemical Reaction

The strength of CNT/metal interfacial bonding is one of the key factors controlling the
physicomechanical features of CNT-reinforced metal matrix nanocomposites as well as the uniform
distribution of CNTs and high relative density [49]. As a general rule, the weak wettability and poor
interfacial compatibility between CNTs and metal matrix degrades the fracture toughness due to the
limited interfacial load transfer [156]. Among the widely used methods for the fabrication of metal
matrix nanocomposites (MMNCs), powder metallurgy routes provide a better interfacial bonding as
compared to casting processes [157]. A model is developed by Coleman et al. [158] describing the
tensile strength of CNT-containing composites (σc) based on the shear strength of the interface (σshear).
Equation (7) describes this model:

σC =

(
1 +

b
R

)[
lCNT

2R
σshear −

(
1 +

b
R

)
σM

]
VCNT+σM (7)

where b is thickness of the interface layer, σM is the strength of the matrix and R, lCNT and VCNT are
the radius, length and volume fraction of CNTs, respectively.
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Zhou et al. [159] used an in-situ pull-out technique to quantitatively evaluate interfacial shear
strength (IFSS) in CNT-Al nanocomposites. They bonded the end of the protruding CNTs directly
to the tip of an atomic force microscopy (AFM) cantilever and pulled them out from Al matrix.
They reported that the estimated tensile strength of the nanocomposite based on the shear lag model
using the obtained IFSS values is consistent with the experimental ones. To date, the direct microscopic
method for determination of IFSS values have also been employed for CNT-filled ceramic [160] and
polymer [161] matrix nanocomposites. It is inferred that the tensile strength of the nanocomposites
can be maximized by thickening the interfacial region through the formation of a crystalline coating
around CNTs or their functionalization or in situ formation of metal oxide/carbide interlayer at
boundary zones. For instance, shear strength of CNT-Al nanocomposites is enhanced by the formation
of interfacial Al4C3 carbides during a chemical reaction between defective CNTs and molten Al
in the interboundary areas [120,162]. Figure 27 shows the interfacial regions in CNT-Al matrix
nanocomposites. As seen, several in situ phases are embedded in the grain boundary layer of
Al-CNT sintered compacts including Al2O3, amorphous carbon black, graphite and Al4C3 phases [120].
The formation of carbides on the surface of CNTs at Al/CNT interfaces diminishes the contact area
between CNTs and Al matrix with poor wettability and substitutes the Al/Al carbide interfaces with
a lower wetting angle than that of CNT/Al boundaries (~55◦ vs. 130–140◦) [162,163]. The stronger
the physicochemical interactions between these two phases, the more adhesive the interface will be.
To simply describe metal/ceramic physical interaction, the work of adhesion (Wad) is defined as:
(i) The amount of energy released whenever two free surfaces are brought into contact or (ii) the work
per unit area of interface which is reversibly performed to separate the two phases. Wad can be given
by the following equation [128,164]:

Wad = σLV(1 + cos θ) (8)

where σLV is the surface tension and θ is the contact angle between two phases. Therefore, Wad
as a measure of the interfacial adhesion could be enhanced by improving the wettability through
extensive interfacial chemical reactions. From this point of view, Al4C3 formation at the CNT/Al
interface increases the interfacial adhesion from 200 mJ/m2 for Al-C system to1156 mJ/m2 for Al-Al4C3

(calculated at 1100 ◦C) and consequently counteracts delamination and improves the load transfer
efficiency [128].

 

Figure 27. TEM images of the grain boundary regions in CNT-dispersed Al matrix nanocomposites:
(a) Micrograph of the whole grain boundary including (1) Al, (2) alumina, (3) CNT, (4) amorphous
carbon black, (5) graphite, and (6) Al4C3 phases; (b) interfacial region between CNT and Al matrix;
and (c) HRTEM image and SAD (Selected area diffraction) pattern of Al4C3 phase. The region with the
broken alumina phase is indicated with the white arrow [120] (Reproduced with permission from [120],
Elsevier, 2009).
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On the contrary, some research works have reported the adverse effects of the carbide formation on
the CNT/Al interfacial bonding and degradation of mechanical properties in CNT-Al nanocomposites
due to a weak interfacial adhesion [165–167]. However, some researchers have demonstrated directly
or indirectly the desired influences of CNT/metal matrix interfacial reactions on the mechanical
features of the nanocomposites regarding the fact that the CNT/metal interfacial load transfer is a
direct function of the interfacial bonding. Zhou et al. [168] produced the Al4C3 nanostructure at the
end of CNTs incorporated into Al matrix through an appropriate heat treatment and investigated
the thermal expansion behavior of the nanocomposite as a criterion of CNT/Al matrix interfacial
bonding. They observed stress contrast around carbides as an evidence of a friction trace, leading to the
enhancement in their anchor effect from Al matrix. This carbide-induced anchor effect minimizes the
local interfacial slippage and constrains the matrix deformation. Consequently, the thermal expansion
exhibits a linear and reversible behavior under cyclic thermal load, indicating a reduced interfacial
slippage between CNTs and Al matrix at the presence of Al4C3 precipitates.

It is proven that CNT/metal interfacial adhesion strongly depends on the applied method for
dispersion of CNTs inside the matrix. Among the various discussed methods, molecular-level process
and metallization of CNTs are the most effective. Kim et al. [49] used molecular-level process prior to
spark plasma sintering to fabricate CNT-filled Cu nanocomposites. They reported enhanced hardness
and wear resistance in spark plasma sintered CNT-Cu nanocomposites than pure Cu with good
CNT/Cu interfacial bonding as well as uniform CNTs distribution in the matrix and high relative
density. Metallization of CNTs using chemical vapor deposition (CVD) [16] and electroless coating [95]
is one of the effective approaches to achieve a strong metal/CNT interfacial bonding as well as a
homogeneous dispersion of CNTs inside the matrix. It can improve the load transfer from matrix
to CNTs through the metallic coating. In another study, He et al. [128] fabricated CNT-reinforced
Al nanocomposites with enhanced mechanical properties via the in situ chemical vapor deposition
process and ascribed the strong interfacial bonding to the formation of transition thin layer of Al4C3

between CNTs and Al matrix.
Clean oxide-free surfaces of metallic powders are a prerequisite for obtaining a good CNT/metal

interfacial adhesion. To meet this challenge, some additives in CNT-metal systems are utilized to
reduce the oxide content. Owing to its negligible solid solubility, good adhesion with Cu, and high
thermodynamic stability, 0.5 wt % ruthenium (Ru) as an air-stable transition metal was exploited in a
recent survey to reduce non-protective oxide films on Cu surfaces. Furthermore, Ru contributes to
increased thermal conductivity of CNT-Cu binary systems as a result of enhanced CNT/Cu interfacial
adhesion and inhibition of the heat carrying phonons scattering at the CNT/Cu interfaces and weak
interfacial bonding-induced pores. However, if Ru content exceeds 2.5 wt %, a reduction in hardness is
observed due to the restricted densification of the powder system. It arises from high melting point of
Ru, serving as a diffusion barrier during the consolidation process. Also, using 1 wt % Ru decreases the
electrical conductivity of pristine copper, because the interfacial resistance occurs due to high electrical
resistivity of Ru than Cu (7.1 × 10−6 vs. 1.68 × 10−6 Ω·cm) [169].

Interestingly, metal oxide formation on the surface of the particles may strengthen the interfacial
adhesion in some CNT-reinforced metallic systems. For instance, Kondoh et al. [97] fabricated CNT-Mg
nanocomposites by spark plasma sintering of CNT-coated Mg particles and reported in-situ formation
of MgO dispersoids during the consolidation process as well as a thin MgO film on the surface of
Mg particles due to the atmospheric corrosion. They confirmed that the diffusion of carbon atoms
into the MgO structure provides an enhanced interfacial adhesion with CNTs. This phenomenon is
mechanistically similar to the epitaxial growth of chromium carbide nanostructures mostly Cr7C3 at
the CNT/Cu-Cr interface as a result of the substitutional diffusion of Cr atoms into radially unzipped
defects of CNTs. It is schematically shown in Figure 28. The results show that the formation of
Cr carbide nanostructures may potentially increase the efficiency of interfacial load transfer while
preserving CNTs structure [170]. It is further surveyed by Kathrein et al. [171].
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Figure 28. A schematic view of epitaxial growth of Cr carbide at the CNT/Cu-Cr interface via the
substitutional diffusion of Cr atoms into the nanotubes during sintering [170] (Reproduced with
permission from [170], Elsevier, 2013).

The nanocomposite processing parameters such as applied temperature/pressure and post
thermal/mechanical treatments are among factors affecting CNT/matrix interfacial adhesion.
Guo et al. [172] fabricated CNT-Al nanocomposites through spark plasma sintering followed by hot
rolling process and reported that higher sintering temperature (630 ◦C vs. 590 ◦C) provides a stronger
cohesion force for Al-CNTs and Al-Al particles due to higher degree of densification.

3. CNT Pinning-Induced Grain Refinement

In addition to the load bearing capacity, CNTs can affect the grain size of the metal matrix
nanocomposites. In fact, the incorporation of CNTs into a metallic matrix results in lower grain size
due to the CNT-induced pinning effect. Such an effect arises from the low dimensions of CNTs which
can pin the grains of the metal matrix similar to nanosized round particles. The more the CNT content,
the higher the effectiveness of boundary pinning and the lower the grain size are [42,101,173,174].
Figure 29 shows the STEM (Scanning transmission electron microscope) micrographs of Cu and
CNT-Cu nanocomposites after the consolidation by high pressure torsion (HPT). As obviously seen,
an increase in CNT content may feasibly reduce the grain size and narrow its distribution thank to the
grain pinning effect [42].

The mean grain size (D) of reinforcement-containing metal matrices can be estimated by the Zener
pinning relation [174]:

D =
k × r

f n (9)

where k is a proportional dimensionless constant, f is the volume fraction of the secondary phase,
and r is the mean reinforcement radius, respectively. The secondary phase particle (i.e., CNTs) acts
as a frictional force against the grain boundary migration and hinders the grain growth. As seen in
Equation (7), the strengthening effect of particles depends on their radius (diameter). The smaller
the diameter of CNTs, the smaller the mean grain size of the metallic matrix will be. Moreover, the
average distance between CNTs is another factor which greatly affects the pinning effect. An increase
in CNT content gives rise to lower distance between CNTs, increased interfacial energy absorption and
decreased grain size. Additionally, for a constant CNT content, the average distance between short
CNTs are lower than that between long ones. As a result, short CNTs have stronger pinning effect and
result in lower grain size [174].

Such a grain refinement affects the mechanical properties of CNT-dispersed metal matrix
nanocomposites. In general, CNTs can increase the mechanical strength of metal matrices through
a variety of mechanisms: (i) Load transfer from the metallic matrix to CNTs, (ii) reduction in the
matrix grain size through the pinning effect (Hall-Petch relation), (iii) CNT-induced Orowan looping
mechanism, (iv) solid solution strengthening due to the diffusion of carbon atoms from CNTs to
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the matrix, (v) secondary phase (particle) strengthening due to the in-situ formation of carbide
particles by a chemical reaction between CNTs and the metal matrix, (vi) work hardening of the
matrix due to the formation and accumulation of dislocations at CNT/metal interfaces caused by
thermal mismatch between CNTs and metal matrix, and (vii) the strengthening effect induced by
impurities originating from the mixing methods [175]. Depending on the type of matrix and the
fabrication method, one or some of these mechanisms may be stimulated. Another factor affecting
the strengthening mechanisms is the physical and size-dependent properties of CNTs. For instance,
if the thermal expansion coefficient of CNTs is considerably different with that of the matrix, the
dislocations will build up at CNT/metal interfaces and enhance the mechanical strength of the
nanocomposite. Moreover, the diameter and length (i.e., aspect ratio) of CNTs may influence the
strengthening mechanisms in metal matrices. Among the aforementioned strengthening mechanisms,
the load transfer mechanism is the most influential. Typically, the higher length or lower diameter of
CNTs (i.e., higher aspect ratio) results in better load transfer and higher mechanical properties such as
improved yield strength and elastic modulus. However, when the aspect ratio of CNTs is lower than a
critical value, the Orowan mechanism is dominant [175,176].

Beside the positive effect of long CNTs on enhanced mechanical properties than short ones, long
nanotubes are usually more sensitive to agglomeration. As a consequence, the dispersion of shorter
CNTs is an easier task than that of longer ones [34]. Using a high content of long CNTs may induce the
agglomeration and degrade the mechanical properties of final nanocomposite.

 

Figure 29. STEM (scanning transmission electron microscope) images of Cu and CNT-Cu
nanocomposites fabricated by high pressure torsion (HPT): (a) Pure Cu, (b) 5 vol % CNT-Cu, and
(c) 10 vol % CNT-Cu nanocomposites. The left images are provided by bright-field mode, and the
right ones by high-angle annular dark-field mode [41] (Reproduced with permission from [41],
Springer, 2013).
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4. Conclusions and Outlook

The present review paper has provided a broad overview of practical challenges in the fabrication
of CNT-dispersed metal matrix nanocomposites. These challenges have been categorized into four
main groups: (i) Non-uniform dispersion of CNTs throughout the metallic matrix, (ii) thermal
decomposition of CNTs and chemical reaction with the metallic matrix, (iii) poor interfacial adhesion,
and (iv) low compactability. One can obtain a CNT-metal matrix nanocomposite with superior
properties if all of four challenges are appropriately overcome. A large number of research works
have focused on these issues and strived to suggest feasible solutions to them. Their strategy is often
based on the better dispersion of CNTs through the effective prevention of their agglomeration and
close control over the processing parameters for suppressing the unwanted phase transformations and
preventing from unfavorable microstructural features. Although these solutions remarkably enhance
the physicomechanical properties, each of them has its own limitations. It seems that the future
research works should find their way toward development of new solutions for uniform dispersion
of CNTs in metallic matrices, so that the electrical and thermal properties are improved as well as
mechanical ones. It seems that the future research works should focus on the development of more
efficient ways to uniformly disperse CNTs in the metallic systems or introduction of new methods for
efficient consolidation of metallic powders mixed with CNTs.
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Abstract: The present study reports the development of new magnesium composites containing
complex composition alloy (CCA) particles. Materials were synthesized using a powder metallurgy
route incorporating hybrid microwave sintering and hot extrusion. The presence and variation in the
amount of ball-milled CCA particles (2.5 wt %, 5 wt %, and 7.5 wt %) in a magnesium matrix and their
effect on the microstructure and mechanical properties of Mg-CCA composites were investigated.
The use of CCA particle reinforcement effectively led to a significant matrix grain refinement.
Uniformly distributed CCA particles were observed in the microstructure of the composites. The refined
microstructure coupled with the intrinsically high hardness of CCA particles (406 HV) contributed
to the superior mechanical properties of the Mg-CCA composites. A microhardness of 80 HV was
achieved in a Mg-7.5HEA (high entropy alloy) composite, which is 1.7 times higher than that of
pure Mg. A significant improvement in compressive yield strength (63%) and ultimate compressive
strength (79%) in the Mg-7.5CCA composite was achieved when compared to that of pure Mg while
maintaining the same ductility level. When compared to ball-milled amorphous particle-reinforced
and ceramic-particle-reinforced Mg composites, higher yield and compressive strengths in Mg-CCA
composites were achieved at a similar ductility level.

Keywords: magnesium; high entropy alloy; composite; hardness; compressive properties

1. Introduction

Magnesium (Mg) is the lightest of all structural metals and possesses the highest strength-to
-density ratio. In addition, magnesium has other favorable advantages, including a high damping
capacity, high dimensional stability, good machinability, good electromagnetic shielding characteristics,
and recyclability. Accordingly, magnesium is the designers’ choice for possible production of
lightweight vehicles to meet the demand of reducing greenhouse emissions [1–3]. Magnesium is
mostly used in the form of alloys in commercial applications [4,5]. With the advent of composite
technology, research interest has been placed on the development of high-performance magnesium
composites. By a careful selection of matrix and reinforcing phases, newly formed composite materials
with significant improvements in elastic modulus, strength, ductility, and coefficient of thermal
expansion can be fabricated. Composite materials are attractive because they offer the possibility
for combining useful engineering properties of individual elements, which is otherwise not possible
from monolithic materials. The attractive physical and mechanical properties obtained from metal
matrix composites (MMCs) have made them potential candidates for aerospace, automotive, and other
structural applications [6]. For the fabrication of magnesium composites, various types of ceramic
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reinforcements, such as alumina (Al2O3), yttria (Y2O3), zirconia (ZrO2), silicon carbide (SiC), boron
carbide (B4C), and titanium carbide (TiC), have been used in Mg matrix [7–11]. In addition to ceramic
reinforcements, research efforts have been made to synthesize Mg composites using metal particle
reinforcements, such as copper, nickel, titanium, molybdenum, and aluminum [11,12]. Investigations
have also been made on Mg composites containing hybrid reinforcements in the form of ceramic plus
metal, ceramic plus ceramic, and ceramic plus carbon nanotube (CNT) besides single ceramic, metal,
and CNT reinforcements [11,13–16]. In a recent development on magnesium composites, ball-milled
amorphous particles were also used as a reinforcement in a pure magnesium matrix [17–19].

In the present study, an attempt is made to develop new magnesium composites using ball-milled
complex composition alloy (CCA) particles. From the thermodynamic calculation, the current complex
composition alloy has a high entropy value (ΔSmix) of 12.97 J/K mol. Based on the concept of
configurational entropy, the multicomponent alloys having a mixing or configurational entropy
value which is equivalent to or greater than 12.471 J/K mol (ΔSconf ≥ 1.5R (12.471), where R is the
gas constant), are regarded as high entropy alloys (HEAs). According to this concept, the CCA used
in this study can be classified under the category of high entropy alloys. A careful examination of
the published literature reveals that no attempt has been made to investigate the microstructure and
mechanical properties of magnesium using ball-milled CCA particles. A powder metallurgy route
incorporating microwave-assisted rapid sintering coupled with hot extrusion was used to synthesize
Mg and Mg-CCA composites. The effect of the presence of CCA particles on microstructure and
mechanical properties of magnesium was investigated. The interrelation between microstructure and
mechanical properties of Mg-CCA composites was studied. The properties of Mg-CCA composites
when varying the amount of reinforcement alloy particles are reported and the test results are
benchmarked against pure magnesium.

2. Materials and Methods

2.1. Synthesis of Materials

In this study, magnesium powder of 98.5% purity and with a size range of 60–300 μm
(Merck, Darmstadt, Germany) was used as the matrix material. Ball-milled CCA particles were
used as the particulate reinforcements. Initially, CCA pieces from cast ingot with composition Al35

Mg30Si13Zn10Y7Ca5 [20] were crushed into particles by ball milling the cast pieces at 200 rpm for 30
minutes with a ball to cast pieces weight ratio of 10:1 in a RETSCH PM-400 mechanical alloying machine
(RETSCH, Haan, Germany). Monolithic magnesium and magnesium composites (Mg-2.5 wt % CCA,
Mg-5 wt % CCA, and Mg-7.5 wt % CCA) were synthesized using a powder metallurgy technique.
The synthesis process for Mg-CCA composites involved blending pure magnesium powder with CCA
particles using the same machine at 200 rpm for 1 h without the use of grinding balls. The blended
powder mixtures were then cold compacted using a 100-ton press to form billets that measured 35 mm
in diameter and 45 mm in height. Monolithic magnesium was compacted using the same parameters
without blending. The compacted billets were then sintered using a hybrid microwave sintering
technique for 16 min to reach a temperature of 640 ◦C near the melting point of magnesium using
a 900 W, 2.45 GHz SHARP microwave oven (Sharp Corporation, Osaka, Japan). The sintered billets
were homogenized at 400 ◦C for 1 h and subsequently hot extruded at a temperature of 350 ◦C at an
extrusion ratio of 20.25:1.

2.2. Characterization

Microstructural characterization studies were conducted on the extruded polished samples
to determine the grain size, grain morphology, and presence and distribution of reinforcements.
An Olympus metallographic optical microscope (Olympus Corporation, Shinjuku, Tokyo, Japan),
MATLAB analysis software (R2013b, MathWorks, Natick, MA, USA), and a JEOL JSM-6010 scanning
electron microscope (JEOL Ltd., Tokyo, Japan) were used for this purpose. X-ray diffraction analysis
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was conducted using an automated Shimadzu LAB-XRD-6000 (Shimadzu Corporation, Kyoto, Japan)
(Cu Kα: λ = 1.54056 Å) spectrometer with a scan speed of 2 degrees per minute.

Microhardness measurements were performed on the polished samples using a Shimadzu-HMV
automatic digital microhardness tester (Shimadzu Corporation, Kyoto, Japan) with a Vickers indenter.
An indentation load of 245.5 mN and a dwell time of 15 s was used in accordance with the ASTM
standard E384-08.

Room temperature compression tests were performed on cylindrical monolithic and composite samples
according to ASTM E9-89a using an automated servo hydraulic testing machine MTS810 (MTS systems
corporation, Eden Prairie, MN, USA). An extruded rod 8 mm in diameter was cut into 8 mm-long samples
for compression tests to provide the aspect ratio (length/diameter) of unity. Samples were tested at a strain
rate of 5 × 10−3 min−1 and the compression load was applied parallel to the extrusion direction.

Fracture surface characterization studies were carried out on the compressively fractured surfaces
of Mg and Mg composites with the objective of establishing the failure mechanisms. Fractography was
accomplished using a JEOL JSM-6010 scanning electron microscope (SEM).

3. Results and Discussion

3.1. Analysis on Reinforcement Particles

Figure 1a shows the size and morphology of the ball-milled CCA particles. The average particle
size was calculated to be 2.7 ± 1.4 μm. The morphology of the particles can be seen as irregular shape
although the smallest particles were almost spherical. The particle distribution can be seen in Figure 1b,
and the particle sizes ranged from 1 μm to 7 μm with the dominant particle size in the range of 2–3 μm.
The measured bulk microhardness of the cast materials was found to be very high at 406 ± 15 HV
(4 ± 0.1 GPa) [20]. The XRD profiles of cast CCA and ball-milled CCA particles can be seen in Figure 2.
The main phases found in the cast materials were maintained in the ball-milled version of the CCA
material. The prominent change in the XRD pattern of ball-milled CCA particles is the broadening of
the peaks, which may be attributed to the transformation of particles from the bulk material and an
increase in the solid solubility of elements (Figure 2).

Figure 1. S scanning electron microscope (SEM) micrograph showing the morphology of ball-milled
complex composition alloy (CCA) particles in (a) and the graph showing particle distribution in (b).
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Figure 2. X-ray diffraction (XRD) pattern of the cast CCA alloy and ball-milled CCA alloy particles.

3.2. Microstructure

The distribution pattern of CCA reinforcement particles in the Mg matrix is shown in Figure 3b–d.
For comparison purpose, the SEM micrograph of Mg is shown in Figure 3a. With the addition of
2.5 wt % CCA particles, the presence of uniformly distributed reinforcement particles can be seen in
the micrograph (Figure 3b). In Mg-5CCA’s composition, the reinforcement particles were reasonably
distributed in the Mg matrix (Figure 3c). However, with the increased addition of CCA particles from
2.5 wt % to 5 wt %, the tendency for the formation of particle clustering can be seen in the micrograph
and the particles were mostly decorated at the particle/grain boundaries (Figure 3c). In the case of
Mg-7.5CCA’s composition, in spite of having an increased amount of HEA particles, the HEA particles
were uniformly distributed with limited evidence of particle clustering (Figure 3d) in the Mg matrix.

Figure 3. SEM micrographs of the: (a) Mg and CCA particle distribution in the (b) Mg-2.5CCA;
(c) Mg-5CCA; and (d) Mg-7.5CCA composites.
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The grain size and grain morphology of Mg and Mg-CCA composites are shown in Table 1
and Figure 5. The grain morphology was found to be nearly equiaxed and the grain size decreased
with increasing presence of reinforcement particles up to 5 wt %. Further increase in the amount of
particles from 5 wt % to 7.5 wt % had no effect on grain size reduction and the average grain size
remained the same in both the Mg-5CCA and Mg-7.5CCA composites. However, from the grain size
distribution analysis, the grain size distribution was more homogeneous in Mg-7.5CCA’s composition
(Figure 4d) when compared to Mg-5CCA’s composition (Figure 4c). While having the same average
grain size in both compositions, the presence of small-sized grains was found to be more frequent in
Mg-5CCA’s composition when compared to Mg-7.5CCA’s composition. In fact, the distribution graph
resembles a right-skewed distribution in Mg-5CCA’s composition while a normal distribution pattern
was observed in the Mg, Mg-2.5CCA, and Mg-7.5CCA composites.

Figure 4. Grain size distribution graphs of the: (a) Mg and (b) Mg-2.5CCA; (c) Mg-5CCA;
and (d) Mg-7.5CCA composites.

Table 1. Results of grain morphologyy and microhardness.

Materials Grain Size (μm) Aspect Ratio Microhardness (HV)

Mg 34 ± 4 1.4 ± 0.3 47 ± 2
Mg-2.5 wt % CCA 14 ± 4 1.4 ± 0.3 56 ± 6
Mg-5.0 wt % CCA 12 ± 5 1.5 ± 0.3 70 ± 6
Mg-7.5 wt % CCA 12 ± 4 1.5 ± 0.3 80 ± 7

Since the reinforcement particle size used for the synthesis of Mg composites was at the micron
length scale, particle-stimulated dynamic recrystallization during hot extrusion can be expected [21,22].
The more evenly distributed grain size (Figure 5) in the case of Mg-7.5CCA versus Mg-5HEA can be
attributed to a more uniform distribution and a larger number of CCA particles in the former [23].
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In extruded Mg composites, the recrystallized grains have common boundaries with the particles.
With the more homogeneous distribution of particles throughout the matrix coupled with the increased
presence of particles, it is possible that the migration of grain boundaries was prevented by the particles
and hence the grain growth. This will provide more evenly distributed grains in the Mg-7.5CCA
composite and hence while the largest grains observed in the Mg-5CCA composite measured in the
range of 24–26 μm, it was only 20–22 μm in the case of the Mg-7.5CCA composite.

Figure 5. The grain size distribution pattern in the etched surfaces of the: (a) Mg; (b) Mg-2.5CCA;
(c) Mg-5CCA; and (d) Mg-7.5CCA composites.

3.3. Mechanical Properties

The result of microhardness measurements on Mg and Mg-CCA composites is shown in Table 1.
It was observed that the indentation resistance of Mg was significantly increased with the presence
of CCA particles. When compared to pure Mg, an increment in hardness of 1.2 times, 1.5 times,
and 1.7 times was observed in the Mg-2.5CCA, Mg-5CCA, and Mg-7.5CCA composites, respectively.
The localized matrix deformation was constrained by the presence of hard and strong ball-milled CCA
particles. The increasing trend of hardness can be due to the addition of an increasing amount of hard
CCA reinforcement particles in the Mg matrix.

The compressive properties of pure Mg and Mg composites containing ball-milled CCA particles
are listed in Table 2 and Figure 6. When compared to pure Mg, a significant improvement in
compressive yield strength of 40%, 57%, and 63% in the Mg-2.5CCA, Mg-5CCA, and Mg-7.5CCA
composites was achieved, respectively. In terms of ultimate compressive strength, 57%, 78%, and 79%
increments over pure Mg were attained in the Mg-2.5CCA, Mg-5CCA, and Mg-7.5CCA composites,
respectively. The results indicated an increasing trend of average compressive strengths with increased
addition of ball-milled alloy particles from 2.5 to 7.5 wt % in the Mg matrix. Between the Mg-5CCA
and Mg-7.5CCA composites, the strength increment was marginal and the strength level was the same

52



Metals 2018, 8, 276

if the standard deviation is taken into consideration. This can be explained based on the grain size
measurement, which shows the occurrence of the same average grain size between the two composite
compositions (Table 1). From the compressive failure strain results, the presence of CCA particles
had no clear deteriorating effect on the ductility of pure Mg, which showed a similar failure strain to
Mg and its composites (Table 2). However, the average failure strain in Mg-5CCA was found to be
lower than that in Mg-2.5CCA and Mg-7.5CCA. From the grain size distribution result, a right-skewed
distribution was observed with the influence of the small grain size in Mg-5CCA’s composition. For
materials with coarse grains, a higher compressive strain can be expected due to continuous twinning
within the coarse grains. For materials with smaller grains, the compressive strain can be decreased
due to less continuity of twinning within the fine grains. This phenomenon was reported in detail
in a related paper based on magnesium-based composites [16]. In addition, the ductility increment
in this composite can be attributed to the resultant microstructural homogeneity in terms of grain
size and particle distribution. The resultant lower failure strain in the Mg-5CCA composite can be
accounted for with the influence of small grains from the grain distribution measurement (Figure 4c)
and microstructural observation (Figure 5c).

Table 2. Results of room temperature compressive properties.

Materials
0.2% Compressive

Yield Strength
(MPa)

Ultimate Compressive
Strength

(MPa)

Compressive Failure
Strain (%)

Mg 91 ± 8 263 ± 16 12 ± 2
Mg-2.5 wt % CCA (1.6 vol %) 127 ± 5 (40%) 414 ± 6 (57%) 15 ± 1
Mg-5.0 wt % CCA (3.2 vol %) 143 ± 2 (57%) 469 ± 18 (78%) 10 ± 2
Mg-7.5 wt % CCA (4.9 vol %) 148 ± 4 (63%) 472 ± 19 (79%) 15 ± 2

Mg-6 vol % Ni50Ti50 [17] 89 ± 3 368 ± 8 15.1 ± 1.5
Mg-5 vol % Ni60Nb40 [18] 130 ± 11 320 ± 11 18.4 ± 1.3

AT81-5 vol % SiC [9] 127 ± 10 301 ± 20 11.4 ± 0.5
AZ91D-3 vol % TiC [10] - 320 * 17 *

* Values approximated from the Compression graph.

Figure 6. Compressive Stress-Strain curve of the Mg and Mg-CCA composites.

When compared to Mg composites containing ball-milled amorphous particles with a comparable
amount of reinforcement addition, a significant improvement in compressive yield strength and
ultimate compressive strength was observed in the Mg composite containing CCA particles
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while maintaining a similar compressive failure strain level (Table 2). In addition, significantly
higher compressive strengths were achieved in the Mg-CCA composites when compared to the
Mg-alloy-based composites containing micron size particles. This indicates the beneficial effect of CCA
alloy particles for property enhancement in the composites under compressive loading. Furthermore,
it shows the suitability and compatibility of this new type of CCA alloy particle as a reinforcement in
an Mg matrix.

Fracture surface studies were done on Mg and its composites and the representative fractographs
are shown in Figure 7. From the fractographs, the appearance of smooth fracture surfaces can
be seen in the Mg, Mg-2.5CCA, and Mg-7.5CCA composites. In case of the Mg-5CCA composite,
the appearance of ragged and rough fracture features was observed. The observed fracture features
conform with the resultant compressive failure strain values presented in Table 2, indicating the
reduced ductility attained in the Mg-5CCA composite’s composition when compared to the Mg,
Mg-2.5CCA, and Mg-7.5CCA composites (Figure 6).

 

Figure 7. Representative fractographs of: (a) Mg; and the (b) Mg-2.5CCA; (c) Mg-5CCA;
and (d) Mg-7.5CCA composites.

4. Conclusions

Based on the interrelation between the microstructural evolution and mechanical properties of
the Mg-CCA composites developed in this work, conclusions are drawn as follows:

1. New Mg-CCA composites can be successfully developed using a powder metallurgy route
incorporating microwave sintering and hot extrusion.

2. The addition of ball-milled CCA reinforcement particles assisted in a significant refinement of the
matrix grain size. The measurement on the grain size distribution showed a normal distribution in
the Mg, Mg-2.5CCA, and Mg-7.5CCA composite compositions while a right-skewed distribution
was observed in the Mg-5CCA composite.
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3. Hardness increased with an increasing amount of reinforcement addition in the Mg-CCA
composites. The maximum microhardness of 80 HV was achieved in the Mg-7.5 wt %
CCA composite.

4. The compressive yield strength and ultimate compressive strength were significantly enhanced
in the Mg-CCA composites while maintaining the same ductility levels as unreinforced
Mg. The newly developed Mg-CCA composites showed higher strength under compressive
loading when compared to Mg composites containing ball-milled amorphous particles and
Mg-alloy-based composites containing micron-size particle reinforcement. The achievement of
enhanced mechanical properties in Mg-CCA composites highlighted the effectiveness of using
ball-milled CCA particles as a reinforcement in Mg.
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Abstract: The elastoplastic properties of TiC particle-reinforced titanium matrix composites
(TiC/TMCs) at high temperatures were examined by quasi-static tensile experiments. The specimens
were stretched at 300 ◦C, 560 ◦C, and 650 ◦C, respectively at a strain rate of 0.001/s. scanning electron
microscope (SEM) observation was carried out to reveal the microstructure of each specimen tested
at different temperatures. The mechanical behavior of TiC/TMCs was analyzed by considering
interfacial debonding afterwards. Based on Eshelby’s equivalent inclusion theory and Mori-Tanaka’s
concept of average stress in the matrix, the stress or strain of the matrix, the particles, and the effective
stiffness tensor of the composite were derived under prescribed traction boundary conditions at high
temperatures. The plastic strains due to the thermal mismatch between the matrix and the reinforced
particles were considered as eigenstrains. The interfacial debonding was calculated by the tensile
strength of the particles and debonding probability was described by Weibull distribution. Finally,
a meso-mechanical constitutive model was presented to explore the high-temperature elastoplastic
properties of the spherical particle-reinforced titanium matrix composites by using a secant modulus
method for the interfacial debonding.

Keywords: titanium matrix composite; constitutive model; interfacial debonding; high temperature;
elastoplastic properties

1. Introduction

Titanium matrix composites (TMCs) become ideal materials for auto industry [1] and shipbuilding
industry [2,3], with high specific strength, high specific modulus, and high temperature resistance.
TMCs are mainly divided into two categories, continuously reinforced titanium matrix composites
and particle-reinforced titanium matrix composites. Among them, particle-reinforced TMCs develop
rapidly due to isotropic characteristics, high temperature properties, as well as low cost compared
to the continuously-reinforced TMCs [4]. In order to achieve excellent properties, it is essential for
reinforced particulates to have superior mechanical properties and also combine stably with the matrix
materials [5]. Several ceramic particles were proposed as titanium reinforcements: SiC, B4C, TiAl, TiB2,
TiN, TiC, and TiB [5–8]. Particularly, TiC was an excellent choice for its high modulus, strength, stiffness,
hardness, and compatibility with titanium matrix [9,10]. According to the literature, TiC/Ti bulk
nanocomposites have been significantly studied by Gu et al. [11,12], which systematically presented
the influence of TiC on Ti matrix phase, densification, microstructure, and strengthening mechanisms.
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A series of theory about particulate-reinforced composites taking account of particle size effects,
damage evolution and debonding damage was carried out by K. Tohgo [13–16]. The coupled effects of
the temperature and strain rate were studied by Song et al. [17,18], and a modified Johnson-Cook model
was proposed to predict the dynamic behavior of TiCp/Ti. Recently, the combination of macroscopic
and mesoscopic methods have been widely used to investigate dynamic mechanical behaviors and
constitutive model. Meso-mechanical damage theory considers the variation of stiffness/compliance
tensor as one measure of the damage, so how to determine the effective elastic modulus of the damaged
materials becomes a key problem.

Main meso-mechanical theories are outlined as follows: Eshelby’s equivalent inclusion
theory [19,20], self-Consistent theory [21,22], Mori-Tanaka’s theory [23], differential schemes [24],
Hashin-Shtrikman Bounds [25,26], and so on. The elastoplastic behavior of the particle-reinforced
composite with damage is widely explored by using the first-order stress moment, second-order stress
moment, secant modulus method, and incremental method [27–29], the damage patterns include
crack or hole in the matrix, interfacial debonding, particle fracture, and so on. In our previous
work [30], a one-dimension dynamic constitutive model based on Eshelby’s equivalent inclusion
theory and Mori-Tanaka theory was established, by adding micro-crack nucleation and growth model.
A three-dimensional interfacial debonding model to predict the stress-strain responses of weakly
bonded composites was proposed by Lissenden [31], which was based on a modified Needleman type
cohesive zone model. Considering progressively weakened interface, an elasto-plastic multi-level
damage model was developed to predict the effective elasto-plastic behavior of particle-reinforced
metal matrix composites in the work of Lee and Pyo [32]. According to Xia and Wang [33],
a micromechanical model based on the analysis of localized deformation bands was provided to
predict the toughening of dual-phase composites. However, there is little literature on the elastoplastic
behavior of particle-reinforced composite at high temperatures. Whether the models widely used
at room temperature still effective at high temperatures in new materials still have not identified
by research.

In the current paper, the elastoplastic behavior of TiC particle-reinforced composite with interfacial
debonding at high temperatures is discussed by means of Mori-Tanaka’s mean field theory in
conjunction with Eshelby’s equivalent inclusion theory. A meso-mechanical constitutive model is
proposed to predict the mechanical properties of the composite at high temperatures by considering
the interfacial debonding.

2. Experimental Procedure

2.1. Materials

The material of titanium matrix composite reinforced with 3% TiCp was provided by Northwest
Institute for Nonferrous Metal Research, which was manufactured by the pre-treatment melt process.
The composition of the titanium matrix alloy was Ti-6Al-2.5Sn-4Zr-0.5Mo-1Nb-0.45Si, which could
be used at high temperature ranging from 600 ◦C to 620 ◦C with excellent strength and oxidation
resistance maintained above 600 ◦C. The reinforced particle dispersed homogeneously in the matrix
which had an average diameter of about 5 μm [34] and no brittle phase existed. The interfacial reaction
layers between the particle and the matrix were stable and the reaction zone width was below 3 μm,
by which perfect ductility at room temperature and strength ratio above 650 ◦C were demonstrated.

2.2. Specimen Preparation

Specimens for quasi-static tensile tests were machined by linear cutting, which were in a shape of
flat dumbbell with holes at both ends to be clamped. The thickness was 3 mm and the schematic of the
specimens was presented in Figure 1.
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Figure 1. Specimen for quasi-static tensile test (unit: mm).

2.3. Quasi-Static Tensile Tests

The quasi-static tensile tests at elevated temperatures were carried on WDW-300 electronic
universal testing machine (Jinan East Testing Machine Co., Ltd., Jinan, China). The temperature and
measurement were controlled by GW-1200A controller and high-temperature furnace, respectively,
during testing. The tests was conducted at deformation temperatures of 300 ◦C, 560 ◦C, and 650 ◦C
with the same strain rate of 10−3 s−1. The heat should be preserved for 5–10 min to ensure a uniform
temperature in the test piece after the specimens were heated to the experimental temperature. Each
experimental condition was repeated at least three times, and the average was taken from two valid
experimental data of good reproducibility to be the final result. SEM tests were performed by a
BCPCAS4800 scanning electron microscope (JEOL Co., Ltd., Tokyo, Japan) to observe the fracture
morphology of each specimen stretched at different temperatures.

2.4. Experimental Results

2.4.1. Microstructure

The images in Figure 2 exhibit the fracture microstructure of TiC/TMCs composites samples
tested at different temperatures. The results reveal that the failure of the composites is dominant
by the interface debonding, particle cracking, and ductile fracture of the matrix. It can be seen that
with the temperature rises up, the dimples of fracture surface tend to be more uniformly distributed.
The sizes of dimples are getting to be larger and deeper when the experimental temperature increases
from 300 ◦C to 650 ◦C. This demonstrates that the TiC/TMCs composites show better plasticity at
elevated temperature.

   
(a) (b) (c) 

Figure 2. SEM images of TiC/TMCs composites: (a) 300 ◦C; (b) 560 ◦C; and (c) 650 ◦C.

2.4.2. Stress-Strain Relationship

Figure 3 shows the results of the quasi-static stress-strain curves for the titanium matrix composite
at different temperatures. According to the tests, it is obvious that the TiC/TMCs composites
demonstrate temperature sensitivity. The flow stress decreases with increasing experimental
temperature at the same strain rate. From the data at 300 ◦C and 560 ◦C, the typical strain hardening
curve can be obtained, but the flow stress of the latter rises more slowly than the former. For the
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stress-strain curve at 650 ◦C, the flow stress dropped with increasing strain which indicates that
the temperature softening effect is greater than strain hardening. As for the ductile properties,
the composite exhibits better ductility with the increasing temperature, which means elongation
is positively correlated with temperature.

Figure 3. Stress-strain curves for the TiC/TMCs composites under quasi-static tensile at
different temperatures.

3. Meso-Mechanical Theory for Multiphase Composite

3.1. Average Stress of the Reinforcement and the Matrix

Let us consider an n-phase composite, and we shall refer to the matrix as phase 0, the particle as
phase 1, and damaged particle (void) as phase 2. Based on Mori-Tanaka theory, a uniform far-field
stress σ is exerted on the composite and its boundary. Take the matrix as comparative material and then
the average strain ε0 of the comparative material will satisfy Equation (1) under the same external force:

σ = L0 :
(
ε0 − ε

p
0

)
(1)

where L0 and ε
p
0 are the stiffness tensor the plastic strain of the matrix, respectively.

Due to the existence of the reinforcement, the average strain is actually different from ε0

and perturbation stress σ̃ and perturbation strain ε̃ are generated by the interaction between the
reinforcement, so the average stress of the matrix is:

σ(0) = σ+ σ̃ = L0 :
(
ε0 + ε̃− ε

p
0

)
(2)

Since the elastic property and the coefficient of thermal expansion of the reinforcement is different
from that of the matrix, the average stress of the reinforcement is expressed as:

σ(1) = σ+ σ̃+ σ
pt
1 = L1 :

(
ε0 + ε̃+ ε

pt
1 − ε

p
1 − α∗

1

)
= L0 :

(
L−1

0 : σ+ ε̃+ ε
pt
1 − Δε

p
1 − α∗

1 − ε∗1
) (3)
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σ(2) = σ+ σ̃+ σ
pt
2 = L2 :

(
ε0 + ε̃+ ε

pt
2 − ε

p
2 − α∗

2

)
= 0

= L0 :
(

L−1
0 : σ+ ε̃+ ε

pt
2 − Δε

p
2 − α∗

2 − ε∗2
) (4)

where, σpt
r and ε

pt
r indicate the average stress difference and the average strain difference between the

rth phase and the matrix, ε∗r is the eigenstrain of the rth phase, α∗
r is caused by the different coefficient

of thermal expansion between the rth phase and the matrix:

αr∗
ij = (αr − α0)ΔTδij = αrδij (5)

ε
pt
r = S :

(
ε∗r + Δε

p
r + α∗

r

)
r = 1, 2 (6)

where αr is the thermal expansion coefficient of the rth phase.
By using Equations (2), (3), (6), we have:

σ
pt
r = L0 : (S − I) :

(
ε∗r + Δε

p
r + α∗

r

)
r = 1, 2 (7)

where S is the Eshelby tensor and I is the four order unit tensor.
The average stress of the composite meets the volume mixing ratio, namely:

σ = f0σ
(0) + fpσ

(1) + fvσ
(2) (8)

where f0 + fp + fv = 1.
Substitute Equations (2) and (3) into Equation (8), we have:

σ̃ = −
(

fpσ
pt
1 + fvσ

pt
2

)
(9)

and:
ε̃ = (I − S)[ fp(ε

∗
1 + Δε

p
1 + α∗

1) + fv(ε
∗
2 + Δε

p
2 + α∗

2)] (10)

Let X = ε∗1 + Δε
p
1 + α∗

1, Y = ε∗2 + Δε
p
2 + α∗

2 and substitute Equation (10) into Equation (4), we get:

Y =
fpX + (I − S)−1L−1

0 σ

1 − fv
(11)

Substituting Equation (10) into Equation (3), we have:

X =
{

L0 + (L1 − L0) :
[
S − fp

1− fv
(S − I)

]}−1
:
[

1
1− fv

(L0 − L1) : L−1
0 : σ+ L1 :

(
Δε

p
1 + α∗

1

)]
=

{(
1 − fv − fp

)
[(L1 − L0) : S + L0] + fpL1

}−1 :
[
(L0 − L1) : L−1

0 : σ+ (1 − fv)L1 :
(

Δε
p
1 + α∗

1

)] (12)

and:

ε∗1 =
{(

1 − fv − fp
)
[(L1 − L0) : S + L0] + fpL1

}−1 :
[
(L0 − L1) : L−1

0 : σ+
(
1 − fv − fp

)
(L0 − L1) : (S − I) :

(
Δε

p
1 + α∗

1

)]
(13)

Y =
{(

1 − fv − fp
)
[(L1 − L0) : S + L0] + fpL1

}−1 :
{
[(L1 − L0) : S + L0] : (I − S)−1 : L−1

0 : σ+ fpL1 :
(

Δε
p
1 + α∗

1

)}
(14)

ε∗2 =
{(

1 − fv − fp
)
[(L1 − L0) : S + L0] + fpL1

}−1 : {[(L1 − L0) : S + L0] : (I − S)−1 : L−1
0 : σ+ fpL1 :

(
Δε

p
1 + α∗

1

)
−[(

1 − fv − fp
)
[(L1 − L0) : S + L0] + fpL1

]
:
(

Δε
p
2 + α∗

2

)} (15)

Substituting Equations (1), (10)–(12) into Equations (2) and (3), respectively, we get:

σ(0) = σ+ L0 : (I − S) :
(

fpX + fvY
)
= 1

1− fv
σ+

fp
1− fv

L0 : (I − S)

:
{(

1 − fv − fp
)
[(L1 − L0) : S + L0] + fpL1

}−1 :
[
(L0 − L1) : L−1

0 : σ+ (1 − fv)L1 :
(

Δε
p
1 + α∗

1

)] (16)
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σ(1) = σ+ L0 : (I − S) :
(−(

1 − fp
)
X + fvY

)
= 1

1− fv
σ− 1− fv− fp

1− fv
L0 : (I − S)

:
{(

1 − fv − fp
)
[(L1 − L0) : S + L0] + fpL1

}−1 :
[
(L0 − L1) : L−1

0 : σ+ (1 − fv)L1 :
(

Δε
p
1 + α∗

1

)] (17)

3.2. Effective Stiffness Tensor of the Composite

The stress-strain relationship can be written as:

ε = L−1 : σ (18)

The average strain of the composite is the sum of the strain:

ε = f0ε
(0) + fpε

(1) + fvε
(2)

Substitute ε(0) = ε0 + ε̃− ε
p
0 , ε(1) = ε0 + ε̃+ ε

pt
1 − ε

p
1 − α∗

1 and ε(2) = ε0 + ε̃+ ε
pt
2 − ε

p
2 − α∗

2 into
Equations (18), (6), (10), we have:

ε = L−1
0 : σ+ fpε

∗
1 + fvε

∗
2 (19)

Substituting Equations (13) and (15) into Equation (19), we get:

ε = L−1
0 : σ+ fpε

∗
1 + fvε

∗
2 = L−1

0 : σ+ fp
{(

1 − fv − fp
)
[(L1 − L0) : S + L0]

+ fpL1
}−1 : [(L0 − L1) : L−1

0 : σ+
(
1 − fv − fp

)
(L0 − L1) : (S − I) :(

Δε
p
1 + α∗

1

)]
+ fv

{(
1 − fv − fp

)
[(L1 − L0) : S + L0] + fpL1

}−1 :

{[(L1 − L0) : S + L0] : (I − S)−1 : L−1
0 : σ+ fpL1 :

(
Δε

p
1 + α∗

1

)
−{(

1 − fv − fp
)
[(L1 − L0) : S + L0] + fpL1

}
:
(

Δε
p
2 + α∗

2

)}
(20)

The stiffness tensor of the composite at high temperatures can be derived from Equation (20):

L−1 = L−1
0 + fp

{(
1 − fv − fp

)
[(L1 − L0) : S + L0] + fpL1

}−1 :
[
(L0 − L1) : L−1

0

+
(
1 − fv − fp

)
(L0 − L1) : (S − I) : α∗

1 : σ−1]+ fv
{(

1 − fv − fp
)
[(L1 − L0) : S

+ L0] + fpL1
}−1 : {[(L1 − L0) : S + L0] : (I − S)−1 : L−1

0 + fpL1 :
(

Δε
p
1 + α∗

1

)
: σ−1

}
= L−1

0 +
{(

1 − fv − fp
)
[(L1 − L0) : S + L0] + fpL1

}−1{ fp

[
(L0 − L1) : L−1

0

+
(
1 − fv − fp

)
(L0 − L1) : (S − I) : α∗

1 : σ−1]+ fv{[(L1 − L0) : S + L0] :

(I − S)−1 : L−1
0 + fpL1 : α∗

1 : σ−1}}
(21)

4. Elastoplastic Analysis of the Composite

4.1. Constitutive Model of the Matrix

The elastoplastic relationship of the matrix can be described by modified Ludwik equation:

σ(0) = σ
(0)
s + h

(
ε

p
0

)n
(22)

where, σ(0)s is the yield stress of the matrix; h and n are material parameters determined by uniaxial
tensile test.

Under monotonic loading, the secant modulus Es
0 of the matrix is expressed as:

Es
0 =

σ(0)

εe
0 + ε

p
0
=

1
σ
(0)
s

E0σ
(0) +

ε
p
0

σ
(0)
s +h(εp

0)
n

(23)
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where, εe
0 and ε

p
0 are the elastic strain and the plastic strain of the matrix, respectively.

Under three-dimensional stress, by replacing σ(0) and ε
p
0 with Mises effective stress σ(0)∗ and

effective strain ε
p∗
0 , formula (22) can be rewritten as:

σ(0)∗ = σ
(0)
s + h

(
ε

p∗
0

)n
(24)

where:

σ(0)∗ = (
3
2
σ
(0)′
ij σ

(0)′
ij )

1
2
, εp∗

0 = (
2
3
ε

p(0)
ij ε

p(0)
ij )

1
2

(25)

σ
(0)′
ij is the stress deviator of the matrix.

The secant bulk modulus and shear modulus of the matrix are expressed as:

ks
0 =

Es
0

3
(
1 − 2vs

0
) , μs

0 =
Es

0
2
(
1 + vs

0
) (26)

where vs
0 indicates the secant Poisson’s ratio.

Due to plasticity incompressibility, the secant bulk modulus ks
0 is equal to the elastic bulk modulus

k0, so, we have:

vs
0 =

1
2
− Es

0
E0

(
1
2
− v0

)
(27)

In general, the elastoplastic behavior of the matrix under monotonic loading can be described by
the secant Young’s modulus Es

0 and two elastic constants E0 and v0.

4.2. Stress for the Reinforcement and the Matrix and the Secant Tensor of the Composite under Force
Boundary Conditions

When the matrix is in the elastoplastic stage, the modulus changes with the deformation, so the
modulus of the matrix takes the secant value indicating by superscript S. According to Equations (16)
and (17), the stress for the matrix and the reinforcement can be written as:

σ(0) = 1
1− fv

σ+
fp

1− fv
Ls

0 : (I − S) :
{(

1 − fv − fp
)

[(
L1 − Ls

0
)

: S + Ls
0
]
+ fpL1

}−1 :
[(

Ls
0 − L1

)
: Ls−1

0 : σ+ (1 − fv)L1 :
(

Δε
p
1 + α∗

1

)] (28)

σ(1) = 1
1− fv

σ− 1− fv− fp
1− fv

Ls
0 : (I − S) :

{
(1 − fv − fp)

[(L1 − Ls
0) : S + Ls

0] + fpL1
}−1 :

[
(Ls

0 − L1) : Ls−1
0 : σ+ (1 − fv)L1 : (Δε

p
1 + α∗

1)
] (29)

According to Equation (21), the secant tensor of the composite is given:

(Ls)−1 =
(

Ls
0
)−1

+
{(

1 − fv − fp
)[(

L1 − Ls
0
)

: S + Ls
0
]
+ fpL1

}−1{ fp
[(

Ls
0 − L1

)
:
(

Ls
0
)−1

+
(
1 − fv − fp

)(
Ls

0 − L1
)

: (S − I) : α∗
1
]
+ fv

{[(
L1 − Ls

0
)

: S + Ls
0
]

: (I − S)−1 :
(

Ls
0
)−1

+ fpL1 : α∗
1
} (30)

where:
Ls

0 = (2ks
0, ks

0 − μs
0, ks

0 − μs
0, ks

0 + μs
0, 2μs

0, 2μs
0) (31)

L1 = (2k1, k1 − μ1, k1 − μ1, k1 + μ1, 2μ1, 2μ1) (32)

L2 = (0, 0, 0, 0, 0, 0) (33)

I = (1, 0, 0, 1, 1, 1) (34)

S =

(
2
3
αs,

αs

3
− βs

2
,
αs

3
− βs

2
,
αs

3
+

βs

2
,βs,βs

)
(35)
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αs =
1 + vs

0
3
(
1 − vs

0
) , βs =

2
(
4 − 5vs

0
)

15
(
1 − vs

0
) (36)

4.3. Interfacial Debonding Model

In order to descript the propagation of the interfaces, Weibull statistical distribution is introduced
to discuss the cumulative probability of the interfacial debonding.

It is assumed that when the interfacial debonding happened between the matrix and the
reinforcement (particle), the particle cannot bear any load and can be equivalent to a hole. By assuming
that the tensile stress in the particle controls the debonding and the initial propagation strength along
ii direction meets the Weibull statistical distribution Pii [35], we have:

Pii

(
σ
(1)
11

)
= 1 − exp

[
−
(
σ
(1)
ii
s

)]m

, i = 1, 2, 3 (37)

where, Pii

(
σ
(1)
11

)
is the ratio of the damaged particles to all particles, i.e., the debonding probability.

s and m are scale parameter and shape parameter of the Weibull function. Thus, the volume fraction of
the damaged particle on the composite is:

f1P11

(
σ
(1)
11

)
= f1

⎧⎨⎩1 − exp

[
−
(
σ
(1)
11
s

)]m⎫⎬⎭ (38)

The probability density of the damaged interface can be written as:

p11

(
σ
(1)
11

)
=

m
s

exp

(
σ
(1)
11
s

)m−1[
−
(
σ
(1)
11
s

)]m

(39)

The relationship between the critical debonding strength of the interface σc and the two parameters
s and m is given as [36]:

σc =
∫ ∞

0
σ
(1)
11 pdσ(1)11 = s·Γ

(
1 +

1
m

)
(40)

When the critical debonding strength of the interface σc and the loading exerted on the particle
are known, the volume fraction of the debonding particle can be obtained by Equation (37).

4.4. Elastoplastic Stress-Strain Relationship

The damage constitutive relation can be expressed by Equation (30). When the matrix is in the
plastic stage, Ls

0 is not a constant and changes with the deformation process. At the same time, volume
fraction fp and fv are also changing. So, in order to obtain the stress-strain relationship, Ls

0 and fv

of each stage should be calculated firstly. The numerical calculation is performed according to the
following procedure: (1) calculate the effective elastic modulus L of the material and taking as the
initial value; (2) for a given σ, determining σ(0) and σ(1) from Equations (28) and (29); (3) set σc

and m, deriving fv from Equation (37) ( fp = f1 − fv) and then obtaining the effective stress of the

matrix from σ(0). If σ(0) is bigger than the elastic limit σ(0)s of the matrix, L0
s should be calculated from

Equations (23), (26), (27), (31); and (4) increasing σ and calculating Ls from the new L0
s , then repeating

the whole process.
It is assumed that the elastic modulus of the TiC particle does not change with the changes in

temperature and the elastic modulus of the matrix decreases with the increase of temperature. In order
to obtain the elastic of the matrix at different temperature, we assume that the elastic modulus of
the matrix decreases linearly with increasing temperature. Based the known elastic modulus of the
matrix, the elastic modulus at different temperatures can be obtained. The elastic modulus and yield
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stress of the matrix at room temperature was experimentally determined. By assuming that there
are linear relationships between elastic modulus and temperature, and yield stress with temperature,
respectively, the elastic modulus and yield stress of the matrix at different temperatures was calculated,
which was shown in Table 1.

Table 1. The elastic modulus and yield stress of the matrix at different temperatures.

Temperature R.T. 300 ◦C 600 ◦C 650 ◦C 700 ◦C

E0/GPa 113 71 25 20 15
σ
(0)
s /MPa 1050 670 590 540 420

5. Comparison of Numerical Predictions with Experimental Results

When the uniaxial tensile stress σ11 is exerted on the particle-reinforced titanium matrix composite
at high temperatures, the material parameters of the composite is listed as follows: ν0 = 0.35,
E1 = 460 Gpa, ν1 = 0.188, f 1= 0.03, h = 60 Mpa, n = 0.45, σc = 2.0σ(0)s , m = 5. The stress-strain
curves of the composite at three different temperatures (T = 300 ◦C, 560 ◦C, 650 ◦C) are shown in
Figure 4.

 

Figure 4. Cont.
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Figure 4. Comparisons of stress-strain curves of TiC/TMCs composites with the theoretical results and
test results at different temperatures: (a) 300 ◦C; (b) 560 ◦C; and (c) 650 ◦C.

From Figure 4, it can be seen that the numerical predictions agree well with experimental results,
which demonstrate the assumption that the elastic modulus decreases linearly with the increase
of the temperature. The debonding model adopted in the current paper can be used to predict
the elastoplastic behavior of the composite at elevated temperatures. There is little discrepancy of
initial elastic modulus and yield stress, which may be caused by that the theoretical model did not
consider the particle cracking and ductile fracture. Nevertheless, in the plastic section of the curve,
the theoretical model prediction is not accurate enough, which needs further study.

6. Conclusions

Based on Eshelby’s theory and Mori-Tanaka theory, the stress of the reinforcement and the matrix
and the effective stiffness tensor of the composite under force boundary conditions are deduced.
By using the assumption that the interfacial debonding is controlled by the tensile stress on the particle
and the cumulative probability of the interfacial debonding is described by the Weibull function,
a meso-mechanical constitutive model is proposed to investigate the elastoplastic properties of the
particle-reinforced titanium matrix composite by using the secant modulus method. A good agreement
between the numerical predictions and the experimental results is obtained, which demonstrate
that the model and the method adopted in the current study is reliable and reasonable. When
particle-reinforced titanium matrix composites were used at high temperatures, such as in aerospace
and automobile industries, this model can be used to predict the mechanical properties so as to provide
the theoretic basis for the design of structural parameters.
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Abstract: The nano-sized SiCp/Al–Cu composites were successfully fabricated by combining
semisolid stirring with ball milling technology. Microstructures were examined by an olympus
optical microscope (OM), field emission scanning electron microscope (FESEM) and transmission
electron microscope (TEM). Tensile properties were studied at room temperature. The results show
that the α-Al dendrites of the composites were strongly refined, especially in the composite with
3 wt. % nano-sized SiCp, of which the morphology of the α-Al changes from 200 μm dendritic crystal
to 90 μm much finer equiaxial grain. The strength and ductility of the composites are improved
synchronously with the addition of nano-sized SiCp particles. The as-cast 3 wt. % nano-sized
SiCp/Al–Cu composite displays the best tensile properties, i.e., the yield strength, ultimate tensile
strength (UTS) and fracture strain increase from 175 MPa, 310 MPa and 4.1% of the as-cast Al–Cu alloy
to 220 MPa, 410 MPa and 6.3%, respectively. The significant improvement in the tensile properties of
the composites is mainly due to the refinement of the α-Al dendrites, nano-sized SiCp strengthening,
and good interface combination between the SiCp and Al–Cu alloys.

Keywords: nano-sized SiCp; aluminum matrix composites; mechanical properties; microstructures

1. Introduction

In the past decades, particulate reinforced aluminum matrix composites (AMCs) have attracted
much attention in the field of structural and functional materials [1–4]. SiCp reinforced AMCs have
been a hot research issue in recent years because of their excellent properties such as low density, high
tensile strength, high elastic modulus and wear resistance, etc. [5–7]. For example, SiCp reinforced
AMCs are used for engine piston, and heat sink [8,9]. Compared with traditional micron-sized SiCp/Al
composites, the higher tensile strength and good ductility of the nano-sized SiCp/Al composites entitle
them to have more competitive ability for advanced structural applications such as in automotive
and aerospace industries and the military [10]. In the past decades, several processing techniques
have been developed for fabricating Al matrix composites reinforced with nano-sized particles such as
high-energy milling, powder metallurgy, and nano-sintering, and liquid-state solidification processing
(e.g., stir casting) [11–19]. In these techniques, the semisolid stirring process has some important
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advantages such as low cost, capability of producing products with complex shapes, and processing
simplicity [14].

Al–Si and Al–Mg alloys are the usually used matrix phase in nano-sized SiCp/Al
composites [10,16,20,21]. Xiong et al. [10] fabricated 14 vol. % nano-sized SiCp/Al–Mg composites.
They reported that the ultimate tensile strength increased from 223 MPa to 286 MPa, while the ductility
decreased from 4.8% to 3.9%. Hamedan et al. [16] produced 1.0 wt. % nano-sized SiCp/Al356 composite
and reported that the ultimate tensile strength of the composite increased from 140 MPa to173 MPa,
while the ductility decreased slightly from 6.1% to 5.38%. Compared to the Al–Si and Al–Mg alloys,
the Al–Cu alloys can offer some good mechanical properties. For instance, a previous study by us
has shown that the tensile strength and elongation increased by 26% and 50% respectively, for the
modified Al–Cu alloys compared with unmodified alloy [22]. Moreover, we also found that the
corrosion resistance of modified Al–Cu alloy had an improvement compared with the unmodified
one [23]. However, to the best of our knowledge, so far, because there is no chemical affinity between
the Cu element and SiCp, and the Cu element can also not improve the wettability between the
aluminum matrix and SiCp [24], the Al–Cu alloys were rarely used as a matrix in the nano-sized
SiCp/Al composites in stir casting. It is believed that if the nano-sized SiCp/Al–Cu composites with
uniform distribution SiCp and clean interface between the SiCp and Al–Cu alloys could be successfully
fabricated, the composites will exhibit excellent mechanical properties, which are very important for
application in the automotive and aircraft industries.

In this paper, the nano-sized SiCp/Al–Cu composites were fabricated by combining semisolid
stirring with ball milling technology. Semisolid stirring can suppress the interfacial reaction due
to the low stirring temperature [19]. The usage of precursor powders fabricated by the mix of the
nano-sized SiCp and alloy powders using mechanical ball milling is of benefit to the dispersion of the
nano-sized SiCp in the matrix due to the disruption of the agglomerate nano-sized SiCp clusters in
advance. The microstructures and tensile properties of the synthesized composites were investigated,
and the strengthening mechanism was discussed. We expect that such knowledge would provide
guidance for the fabrication and application of the nano-sized SiCp/Al–Cu composites.

2. Experimental Procedure

The Al–Cu alloy with a composition of (wt. %): 5.0 Cu, 0.8 Mn, 0.7 Fe, 0.5 Mg, 0.5 Si, 0.25 Zn, 0.15
Ti, 0.1 Cr and Al (balance) was used as the matrix. The nano-sized SiCp, with a purity of 99.9 wt. %
and ~60 nm in diameter, were used as the reinforced particles. The morphology of the raw nano-sized
SiCp particles is shown in Figure 1a. If the agglomerate nano-sized SiCp clusters are added into the
melt directly, it is difficult for semisolid stirring to break the clustering and disperse the nano-sized
particles uniformly. Figure 1b shows the Al–Cu alloy powders (99% pure) with average sizes of about
10 μm, their composition is the same as the Al–Cu alloy matrix. Figure 1c,d shows the precursor
powders which are fabricated by the mix of the calculated nano-sized SiCp and Al–Cu alloy powders
using mechanical ball milling with ZrO2 balls at the speed of 150 r/min for 50 h. Figure 1d is the a
high magnification of the rectangular area in Figure 1c. It could be found that most of the nano-sized
SiCp display a relatively uniform distribution in each individual composite particle surface. The ball
to powder weight ratio was 8:1. During melting, Al–Cu alloy was melted at 933 K in air using an
electricity resistant furnace and then cooled to 873 K at which point the matrix alloy was in semi-solid
condition. The temperature range for the Al–Cu alloy used in this study to be in the semi-solid
condition is 813 K–903 K. Then, the precursor powder was added into the molten metal after stirring
the molten metal with a graphite stirrer at the speed of 500 r/min. After that, the melt was poured into
a preheated steel die. After the casting process, the Al–Cu alloy and the composites were homogenised
for 10 h at 758 K in order to avoid segregation. The materials were extruded to the batten shaped
samples with the help of a 200-ton hydraulic press at 773 K with the extrusion ratio of 16. Before the
tensile test, all the extruded samples underwent the T6 heat treatment (solutionized at 773 K for 2 h
and aged at 433 K for 18 h).
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Figure 1. SEM images of morphologies of the raw (a) nano-sized SiC particles and (b) Al–Cu alloy
powders; FESEM (field emission SEM) images of (c) nano-sized SiCp/Al–Cu composite powders after
ball milling; (d) high magnification of the area marked in (c).

Microstructures of the composites were examined by an Optical Microscope (Axio Imager A2m,
Zeiss, Oberkochen, Germany) equipped with image analysis software and a camera; a computer was
used for the OM observation and the quantitative measurements of microstructural features. The size
of Al dendrites in every composite was measured from forty images taken at two magnifications,
such as 50×, and 100×. Five samples of every composite were used to obtain the standard deviations
(the error bars) plotted in Figure 2. Microstructures of the composites and morphologies of the raw
nano-sized SiC particles and Al–Cu alloy powders were observed by field emission SEM (FESEM,
JSM6700F, Tokyo, Japan) and SEM (Evo18, Carl Zeiss, Oberkochen, Germany).

 
Figure 2. Grain sizes of α-Al in the cast Al–Cu alloy and nano-sized SiCp/Al–Cu composites with
different SiCp contents.
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The extruded samples were machined into dog-bone shaped tensile samples with a gauge cross
section of 5.0 mm × 2.5 mm and a gauge length of 30.0 mm. Tensile tests were conducted at room
temperature by using a servo-hydraulic materials testing system (MTS, MTS 810, Minneapolis, MN,
USA) at a constant strain rate of 3 × 10−4 s−1.

3. Results and Discussion

Figure 3 shows the as-cast microstructures of the Al–Cu alloy and nano-sized SiCp/Al–Cu
composites with the nominal content of 1 wt. %, 3 wt. %, 5 wt. % SiCp. As shown in Figure 3a, the α-Al
dendrites of the Al–Cu matrix alloy are coarse and their average size is about 200 μm. However,
in the nano-sized SiCp/Al–Cu composites, the α-Al dendrites are significantly refined by the addition
of nano-sized SiCp, as shown in Figure 3b–d. The refinement of the dendrite size is mainly due to
some heterogeneous nucleation sties of the α-Al crystal provided by nano-sized particles during
solidification, and the hindrance of the other added nano-sized SiCp to the growth of α-Al dendrites
during the solidification process. Figure 2 shows the size of dendrite in the nano-sized SiCp/Al–Cu
composites with different particle contents. In the 3 wt. % nano-sized SiCp/Al–Cu composite, the
morphology of α-Al changes from coarse dendritic grain to equiaxial grain with finer sizes of about
90 μm, which increases the boundary concentration in the Al matrix. The increase in the boundary
concentration could be helpful to improve the tensile strength of metals or alloys due to the grain
boundary playing a role as a barrier to the transmission of the dislocations. The as-cast microstructure
of the composite with 5 wt. % SiCp is similar to that with 3 wt. % SiCp, although the sizes of the
α-Al dendrites were uneven sizes of 60–150 μm (Figure 3d). In the composite with 5 wt. % SiCp,
the shape of Al dendrites became very non-uniform due to the agglomeration of nano-sized SiCp

particles. The hindrance effect of the nano-sized SiCp on the α-Al dendrite growth is strong in the area
of agglomeration of ceramic particles. On the contrary, the hindrance effect of the nano-sized SiCp on
the α-Al dendrite growth is weakened in the area of less ceramic particles. Thus, the difference in the
size of the α-Al dendrites was probably due to the nonuniform dispersion of SiCp when their contents
reached 5 wt. %.

 
Figure 3. Cast microstructures of the nano-sized Al–Cu alloy and SiCp/Al–Cu composites with different
SiCp contents; (a) Al–Cu alloy; (b) 1 wt. % SiCp; (c) 3 wt. % SiCp; (d) 5 wt. % SiCp.
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Figure 4 shows the engineering stress–strain curves of the cast Al–Cu alloy and nano-sized
SiCp/Al–Cu composites, and Table 1 lists the detailed data of the tensile properties. As indicated,
the strength and ductility of the composites (1 wt. % and 3 wt. %) are improved synchronously
which is quite rare for the composites reinforced with ceramic particles, because in most reported
works [11,14,20,21], the composites had a higher strength and lower ductility than the matrix alloy.
The yield strength (σ0.2), ultimate tensile strength (UTS) and fracture strain (ε) of the nano-sized
SiCp/Al–Cu composites firstly increase and then decrease with the increase in the content of SiCp.
The 3 wt. % nano-sized SiCp/Al–Cu composite possesses the best tensile properties. The yield strength,
UTS and fracture strain of the 3 wt. % SiCp/Al–Cu composite are 220 MPa, 410 MPa and 6.3%, which
increase by 45 MPa (25.7%), 100 MPa (32.2%) and 2.2% (53.6%), respectively, compared to those of the
as-cast Al–Cu alloy (175 MPa, 310 MPa and 4.1%).

Figure 4. Tensile stress–strain curves of the cast Al–Cu alloy and nano-sized SiCp/Al–Cu composites
with different SiCp contents.

Table 1. Tensile properties of the as-cast Al–Cu alloy and nano-sized SiCp/Al–Cu composites with
different SiCp contents.

SiCp (wt. %) σ0.2 (MPa) σb (MPa) ε (%)

0 175+8
−6 310+11

−10 4.1+1.2
−0.5

1 185+7
−8 358+12

−11 5.3+0.8
−0.7

3 220+10
−6 410+14

−8 6.3+0.7
−0.5

5 190+5
−8 362+5

−13 5.4+1.3
−1.6

Figure 5a–d shows the FESEM images of the 3 wt. % and 5 wt. % nano–sized SiCp/Al–Cu
composite, and TEM micrographs of the 3 wt. % SiCp/Al–Cu composite. As indicated in Figure 5a,b,
more evenly distributed nano-sized SiCp particles in the 3 wt. % SiCp/Al–Cu composite are observed
compared with the 5 wt. % SiCp/Al–Cu composite. However, in the 5 wt. % SiCp/Al–Cu composite
as shown in Figure 5b, although there are some uniform distribution zones of nano-sized SiCp, the
agglomeration of particles can still be easily found, as shown in Figure 5d. In other words, more and
more particles aggregate to form the clusters with the increase in the content of SiCp, resulting in the
quite uneven α-Al dendrites sizes and higher concentration of defects. As shown in Figure 5c, it is
clearly seen that the nano-sized SiC particles dispersed inside the α-Al dendrite and the interface
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between the SiC particles and matrix are good and clean without any contaminations, indicating the
superiority of this fabrication technology.

 

Figure 5. FESEM images of the (a) 3 wt. % and (b) 5 wt. % nano-sized SiCp/Al–Cu composite; (c) TEM
micrographs of the 3 wt. % SiCp/Al–Cu composite; (d) the high magnification of area A in (b).

The significant improvement of the strength of the SiCp/Al–Cu composites is mainly due to the
refinement of the α-Al dendrites and the hindrance of the nano-sized SiCp to the start and motion of
dislocations in the matrix. Moreover, the significantly improved ductility of the nano-sized SiCp/Al–Cu
composites with a simultaneously increased tensile strength is derived from three factors:

(i) Nano-sized reinforcement. Compared with micron-sized ceramic particles, the nano-sized
ceramic particles used as reinforcement can not only possess higher tensile strength but also
maintain good ductility, especially in the low contents [21]. Large reinforcement particles could
give rise to cleavage in the particle due to the fact that they are acting as concentrators of stress,
and lead to the formation of pits or cavities due to the loss of interphase cohesion. However, the
smallest reinforcement particles usually do not initiate pits or cavities at the particle and bond
well to the metal matrix [11].

(ii) Dendrite refinement. The refinement of the α-Al dendrites will result in the increase in matrix
dendrite boundaries. The finer the dendrite is, the more tortuous the grain boundaries are.
Therefore, the crack propagation becomes more and more difficult and thus the composites can
endure the larger plastic deformation before fracture.

(iii) Suppression of interfacial reaction. It is known that the reaction between molten Al and SiCp

takes place easily in the temperature range from 675 ◦C to 900 ◦C, producing Al4C3 which is
a brittle and unstable phase [12]. The presence of Al4C3 degrades the mechanical properties
through crack propagation. In the present work, low stirring temperature (600 ◦C) during the
semisolid stirring process can suppress the interfacial reaction effectively, which will be helpful
to restrict the formation of the Al4C3 phase. The improved strength and cracking resistance of
the interface bonding make the occurrence of the crack source cracking become more difficult.
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Nano-sized particle strengthening, microstructure refinement, and good interface between
reinforcement and matrix with no brittle intermetallics can be responsible for the significant
improvement in the mechanical properties of the nano-sized SiCp/Al–Cu composites. Hence,
the nano-sized SiCp/Al–Cu composites showed high plasticity and strength. However, the properties
of the composite with high content nano-sized SiCp particles could be weakened because this
composite resulted in more agglomeration of the SiCp and higher concentration of defects. More
severe agglomeration of SiCp could not lead to the matrix being completely wrapped up by the
particles and thus result in the debonding of the interface. Moreover, micro-porosity and other defects
around the SiCp clusters presented in the composites become the cracking source during the plastic
deformation. The above analyses imply that the embrittlement of the composites resulting from
micro-porosity and detects results in the decrease in strength and ductility of the 5 wt. % SiCp/Al–Cu.

4. Conclusions

The nano-sized SiCp/Al–Cu composites with contents of 1 wt. %, 3 wt. %, 5 wt. % SiCp were
successfully fabricated by combining semisolid stirring with ball milling technology. The α-Al
dendrites are significantly refined due to the addition of nano-sized SiCp. The refinement of the
dendrite size is mainly attributed to some nano-sized particles providing some heterogeneous
nucleation sties of the α-Al crystal, and the hindrance of the other added nano-sized SiCp to the growth
of α-Al dendrites during the solidification process. The strength and ductility of the composites are
improved synchronously with the addition of nano-sized SiCp particles. The 3 wt. % nano-sized
SiCp/Al–Cu composite displays the best comprehensive tensile properties, i.e., the yield strength, UTS
and fracture strain increase from 175 MPa, 310 MPa and 4.1% of the as-cast Al–Cu alloy to 220 MPa,
410 MPa and 6.3%, respectively. Nano-sized particle strengthening, microstructure refinement, and a
good interface between reinforcement and the matrix with no brittle intermetallics can be responsible
for the significant improvement in the mechanical properties of the nano-sized SiCp/Al–Cu composites.
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Abstract: In the present study, the effects of the addition of Y2O3 nanoparticles on Mg–3Al–2.5La
alloy were investigated. Materials were synthesized using a disintegrated melt deposition
technique followed by hot extrusion. The samples were then characterized for microstructure,
compression properties, damping properties, CTE (coefficient of thermal expansion) and fracture
morphology. The grain size of Mg–3Al–2.5La was significantly reduced by the addition of the Y2O3

nano-sized reinforcement (~3.6 μm, 43% of Mg–3Al–2.5La grain size). SEM and X-ray studies revealed
that the size of uniformly distributed intermetallic phases, Al11La3, Al2La, and Al2.12La0.88 reduced by
the addition of Y2O3 to Mg–3Al–2.5La alloy. The coefficient of thermal expansion (CTE) was slightly
improved by the addition of nanoparticles. The results of the damping measurement revealed that the
damping capacity of the Mg–3Al–2.5La alloy increased due to the presence of Y2O3. The compression
results showed that the addition of Y2O3 to Mg–3Al–2.5La improved the compressive yield strength
(from ~141 MPa to ~156 MPa) and the ultimate compressive strength (from ~456 MPa to ~520 MPa),
which are superior than those of the Mg–3Al alloy (Compressive Yield Strength, CYS ~154 MPa
and Ultimate Compressive Strength, UCS ~481 MPa). The results further revealed that there is no
significant effect on the fracture strain value of Mg–3Al–2.5La due to the addition of Y2O3.

Keywords: Mg–Al–RE alloy; magnesium alloy; damping; Al11La3 phase; nanosize reinforcement;
mechanical properties

1. Introduction

Mg–Al-based alloys are considered important lightweight alloys due to their low density,
high strength, and stiffness with good casting and processing ability. Although Mg–Al alloys exhibit a
superior combination of mechanical properties, they are not suitable for application in automobile
engine components due to their poor creep resistance [1,2]. It is well reported that poor creep properties
in Mg–Al alloys are due to the formation of the β-eutectic phase (Mg17Al12), which is unstable at high
temperatures [3]. To improve the creep properties of Mg–Al, rare earth metals (RE) were used as
alloying elements, as they can suppress the formation of the β-phase. In addition, RE also improved the
grain refinement and strength while retaining the ductility, creep resistance, corrosion resistance and
fatigue strength [4–7]. The addition of lanthanum (La) to Mg–4Al exhibited a good strengthening effect
due to its precipitation hardening and grain refinement effects [3]. In our recent study on Mg–3Al–xLa
(x = 1%, 2.5% and 4%), it was observed that the addition of La to Mg–3Al led to the consumption
of most of the Al for the formation of Al11La3, Al2La, and Al2.12La0.88 intermetallic phases and
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suppressed the formation of the Mg17Al12 phase [8]. Among all the compositions, the Mg–3Al–2.5La
alloy exhibited the best tensile properties; Tensile Yield Strength, TYS ~160 MPa, Ultimate Tensile
Strength, UTS ~249 MPa and fracture strain ~22%. However, the addition of La in Mg–3Al alloy
caused a gradual decrease in the compressive strength and elongation [8].

On the other hand, nano-sized reinforcement (thermally stable ceramics such as Al2O3,
ZrO2, Y2O3) used in magnesium-based nanocomposites has already shown potential improvement
in the mechanical properties and ductility without any significant increase in the density [9–13].
Many types of advanced metal matrix nanocomposites are now easily available, and they exhibit
functional properties. Recently, a few particle-reinforced, self-lubricating and self-healing metal
matrix nanocomposites were synthesized using solidification techniques [14–16]. Hassan et al. [17]
showed that the addition of nano-sized yttrium oxide (Y2O3) particulates as a reinforcement in
magnesium, synthesized by the disintegrated melt deposition (DMD) technique, enhanced the
mechanical properties of the magnesium matrix. This work concluded that the addition of 1.9% Y2O3

by weight exhibits the best mechanical properties compared to 0.6% and 3.1% Y2O3 [17].
The present work addresses the further enhancement of the compression and damping response

of Mg–3Al–2.5La alloy using Y2O3 nano particulates as a reinforcement. Mg–3Al–2.5La alloy,
containing 1.9% Y2O3 by weight as reinforcement, is synthesized along with pure Mg, Mg–3Al
and Mg–3Al–2.5La alloys, using the Disintegrated Melt Deposition (DMD) technique followed by
hot extrusion. A detailed view of the effect of the Y2O3 addition on the microstructure, Coefficient of
Thermal Expansion (CTE), compression and damping properties of Mg–3Al–2.5La is provided.

2. Materials and Characterizations

2.1. Materials

Magnesium turnings (99.9% purity) supplied by Acros Organics (Geel, Belgium) were used as the base
material. Aluminium powder (99% purity) of size ~7–15 μm supplied by Alfa Aesar (Haverhill, MA, USA)
and Mg–30%La master alloy supplied by Sunreiler Metal Co. Limited (Beijing, China) were used as alloying
elements. Yttrium oxide (99.995% purity) of size 20–40 nm supplied by US Research Nanomaterials
(Houston, TX, USA) was used as reinforcement in this study.

2.2. Processing

Four different compositions, pure Mg, Mg–3%Al, Mg–3%Al–2.5%La and Mg–3%Al–2.5%La–
1.9%Y2O3 by weight were synthesized using disintegrated melt deposition technique [18]. Pure Mg
turnings, Al powder, Y2O3 powder and Mg–30%La master alloy were placed in a multilayered
sandwich fashion in a graphite crucible and superheated to 750 ◦C under an argon gas atmosphere
using electrical resistance furnace (Dakin Engineering Pte Ltd., Singapore). For uniform distribution of
reinforcement particulates within the alloy matrix, the superheated slurry was then stirred at 450 rpm
for 5 min using a stainless steel impeller (Starlight Tool Precision Engineering, Singapore) with twin
blade (pitch 45◦). Stainless steel stirrer was used to avoid any iron contamination of the molten metal.
After stirring, the molten melt was down poured through a nozzle of 10 mm diameter at the bottom of
the crucible to the mould under the influence of gravity. Before entering the mold, the molten metal
was disintegrated by two jets of argon gas, oriented normal to the melt stream. The flow of argon was
maintained at 25 L/min [17]. An ingot of 40 mm diameter was then obtained. For synthesizing other
compositions similar steps were followed. As cast ingot was later machined to 36 mm diameter and
45 mm length for the secondary processing.

Secondary processing involved the soaking of ingot at 400 ◦C for 1 h in a constant temperature
furnace (Elite Thermal Systems Ltd., Market Harborough, Leicestershire, UK). Using a 150-ton
hydraulic extrusion press, hot extrusion was carried out at 350 ◦C die temperature with an extrusion
ratio of 20.25:1 to obtain rods of 8 mm diameter. Extruded rods were further used to prepare samples
for different characterization studies.
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2.3. Characterizations

2.3.1. Microstructural Characterization

The microstructure was characterized using an optical microscope (Olympus Corporation,
Shinjuku, Tokyo, Japan) on polished and etched samples (etchant: 4.2 gm picric acid, 10 mL acetic acid,
70 mL ethanol and 10 mL distilled water). The grain size was measured on the longitudinal section of
samples, with the help of Scion image analysis software (beta 4.0.2, Frederick, MD, USA, 2000).
To observe intermetallic phase formation and distribution, scanning electron microscopes JEOL
JSM-6010 (JEOL Ltd., Tokyo, Japan) and Hitachi FESEM-S4300 (Hitachi, Ltd., Tokyo, Japan) equipped
with energy dispersive spectrometric analysis (EDS) were used. X-Ray diffraction analysis was
conducted using an automated Shimadzu LAB-XRD-6000 (Shimadzu Corporation, Kyoto, Japan)
(Cu Kα:λ = 1.54056 Å) spectrometer with a scan speed of 2◦/min.

2.3.2. Physical Characterization

Density and Porosity: The density of extruded pure Mg, Mg–3%Al, Mg–3%Al–2.5%La and
Mg–3%Al–2.5%La–1.9%Y2O3 was measured using a gas pycnometer (Micromeritics Instrument Corp.,
Norcross, GR, USA). Each sample was run for five cycles to measure the density more accurately.
Pure helium gas was purged with a pressure of 19.5 Psig for all the five cycles with a cycle fill
pressure of 19.5 Psig. The difference between theoretical density (calculated by the rule of mixture)
and experimentally measured density was quantified as the porosity level in the material.

The Coefficient of thermal expansion: By using a thermo-mechanical analysis instrument LINSEIS
TMA PT 1000LT (Linseis Thermal Analysis, Robbinsville, NJ, USA) the coefficient of thermal expansion
(CTE) of pure Mg, Mg–3%Al, Mg–3%Al–2.5%La and Mg–3%Al–2.5%La–1.9%Y2O3 was determined.
The heating rate of 5 ◦C/min was maintained with constant argon flow rate of 0.1 L per minute.
The displacement of the test samples (each of 5 mm length and 8 mm diameter) was measured
as a function of temperature (323 K to 673 K) using an alumina probe (Linseis Thermal Analysis,
Robbinsville, NJ, USA).

Damping: The vibrational damping capacity of the materials was measured using the resonance
frequency damping analyzer (RFDA), (IMEC, Genk, Belgium). The vibration signal of each material
(8 mm diameter, 60 mm length) was measured as a function of amplitude vs. time.

2.3.3. Mechanical Characterization

Compression Properties: In accordance with ASTM E9-09, compressive properties of extruded
pure Mg, Mg–3%Al, Mg–3%Al–2.5%La and Mg–3%Al–2.5%La–1.9%Y2O3 samples were determined at
ambient temperature, using a fully automated servo-hydraulic mechanical testing machine, MTS-810
(MTS systems corporation, Eden Prairie, MN, USA). The compression properties were measured at a
strain rate of 8.334 × 10−5 s−1. The specimens of 8 mm diameter, with length to diameter ratio of one
were used. At least five different samples of each composition were tested to ensure repeatability of
results. Fractured surfaces of all samples were analyzed using Hitachi S-4300 FESEM (Hitachi, Ltd.,
Tokyo, Japan).

3. Results and Discussion

3.1. Microstructural Characterization

The microstructures of all the samples were initially characterized using SEM microscopy (JEOL
Ltd., Tokyo, Japan) (Figure 1). Table 1 and Figure 2a show the grain size of different compositions
after analysis. The results revealed that the addition of 2.5% La and 1.9% Y2O3 to Mg–3Al reduced
the average grain size by ~50%. It was observed that the addition of Al in Mg (Figure 1a,b)
significantly reduced the grain size from ~22.6 μm to ~7.74 μm. It is frequently reported that during the
solidification of Mg–Al alloys, fine grains are nucleated as the primary-Mg solid solution, along with
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the Mg17Al12 eutectic mixture distributed along the grain boundaries [1,2,19,20]. Secondary processing
or hot deformation during extrusion further breaks down the Mg17Al12 network structure into fine
precipitates, which results in grain refinement as observed in Mg–3Al (Figure 1b). Hot extrusion was
performed at 350 ◦C (which is >0.5 Tm of pure Mg), and therefore it resulted in recrystallization and
the formation of nearly equiaxed grains.

As the solubility of La in Mg is very limited (~0.78 wt %) [21,22] and La is a grain refiner, therefore
the addition of 2.5% La to Mg–3Al alloy further reduced the average grain size from ~7.74 μm to
~6.26 μm. These results obtained in this study are in good agreement with other available reports
claiming La as an excellent grain refiner in Mg [23,24]. The reinforcement of nano-sized thermally
stable 1.9% Y2O3 powder to Mg–3Al–2.5La further reduced the grain size as Y2O3 nanoparticles can act
as the nucleation sites during solidification and recrystallization besides pinning the grain boundaries
in the later stages. Figure 2a represents the change in the grain size of pure Mg with the addition of
3Al, 2.5La, and 1.9Y2O3 subsequently.

 

Figure 1. Scanning Electron Microscopic (SEM) micrographs of (a) pure Mg, (b) Mg–3Al,
(c) Mg–3Al–2.5La, and (d) Mg–3Al–2.5La–1.9Y2O3 alloys, illustrating the grain structure.

Table 1. Results of average grain size, density, porosity and Coefficient of Thermal Expansion
(CTE) measurements.

Material (wt %)
Average Grain

Size (μm)

Density and Porosity Measurements
CTE

(×10−6/K)Theoretical
Density (g/cc)

Experimental
Density (g/cc)

Porosity (%)

Pure Mg 22.6 ± 7.3 1.738 1.737 0.15 26.8 ± 3.9
Mg–3Al 7.74 ± 1.5 1.758 1.753 0.29 26.1 ± 2.6

Mg–3Al–2.5La 6.26 ± 1.1 1.791 1.788 0.17 25.3 ± 2.7
Mg–3Al–2.5La–1.9Y2O3 3.6 ± 0.5 1.818 1.813 0.16 25.0 ± 1.1
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(a) (b)

Figure 2. Change in (a) grain size and (b) coefficient of thermal expansion in pure Mg with the addition
of 3Al, 2.5La and 1.9Y2O3 subsequently.

Figure 3a–c are the SEM micrographs of Mg–3Al, Mg–3Al–2.5La, and Mg–3Al–2.5La–1.9Y2O3

alloys. Figure 3a–b show the SEM micrographs of extruded Mg–3Al and Mg–3Al–2.5La alloys.
In Mg–3Al alloy, the dispersed Mg17Al12 phase is distributed inside the Mg matrix. A uniformly
distributed bright white phase appeared in the Mg–3Al–2.5La alloy (Figure 3b) in rod-like (Al11La3)
and polygon-type (Al2La, Al2.12La0.88) shapes, which is consistent with earlier reports [3,21,25–29].
The brighter second phase in Figure 3c is broken into even finer shapes in the Mg–3Al–2.5La–1.9Y2O3

alloy, especially rod-like shapes, illustrating the ability of Y2O3 nanoparticles to refine the second
phases. Similar findings were observed as a result of the addition of Al2O3 in the AZ31 alloy [30].
The uniform distribution of the second phase is due to the hot extrusion, which broke down these
scattered rod-like and polygon shapes into small pieces throughout the microstructure.

 

Figure 3. SEM micrographs of (a) Mg–3Al, (b) Mg–3Al–2.5La, and (c) Mg–3Al–2.5La–1.9Y2O3 alloys;
(d) compressive fractograph of Mg–3Al–2.5La–1.9Y2O3 alloys.
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X-ray diffraction (XRD) studies conducted in the longitudinal direction of the samples are
shown in Figure 4. These diffractograms did not reveal the presence of any La phase with Mg,
which is consistent with other available reports on Mg–Al–La alloys [8,21,22,25–29,31,32]. However,
they revealed the strong presence of Mg peaks together with the phase comprised of Al11La3, Al2La
and Al2.12La0.88, which are also observed in the SEM micrographs. The formation of Al11La3, Al2La
and Al2.12La0.88 as intermetallic phases occurred due to the large difference in the electronegativity
of Al and La when compared to Mg and Al [21,33,34]. It is well documented in the literature that
dominating diffraction angles in extruded Mg rods corresponding to 2θ = 32◦, 34◦ and 36◦, respectively,
represent the prismatic (1, 0, −1, 0) plane, the basal (0, 0, 2, 0) plane and the pyramidal (1, 0, −1, 0) plane
of HCP Mg crystal [35]. From the intensity of these peaks at various diffraction angles, it is evident
that the addition of La in Mg–3Al increased the I/Imax ratio for the basal plane but the pyramidal
texture still dominated. The Mg–3Al–2.5La–1.9Y2O3 alloy showed that the peak corresponding to the
basal plane becomes dominant. This indicates that the presence of Y2O3 clearly strengthens the basal
texture in the Mg–3Al–2.5La alloy.

Figure 4. X-ray diffraction results of Mg–3Al, Mg–3Al–2.5La and Mg–3Al–2.5La–1.9Y2O3 alloys.

3.2. Physical Characterization

3.2.1. Density and Porosity

From Table 1, it is observed that near-dense Mg materials were synthesized utilizing the
disintegrated melt deposition technique coupled with hot extrusion. The experimentally measured
density values of the synthesized alloys and composite are closer to those of theoretically calculated
density values. The increase in the density values of pure Mg was due to the addition of relatively
high-density Al, La and Y2O3 elements when compared to pure magnesium.

The volumetric porosity results, which were calculated using theoretical and experimental density
values, show that the addition of Y2O3 did not affect the porosity of the base Mg–3Al–2.5La alloy.
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3.2.2. The Coefficient of Thermal Expansion

Table 1 and Figure 2b show the results of the coefficient of thermal expansion (CTE) measurements
within the 25–400 ◦C temperature range. The results show that the CTE value of pure magnesium
decreased with the alloying additions of Al, La and Y2O3. The gradual decrease in the CTE values
of Mg, Mg–3Al, Mg–3Al–2.5La and Mg–3Al–2.5La–1.9Y2O3 alloy was due to the presence of the
alloying addition of Al, La and Y2O3 which have lower CTE values (23.1 × 10−6/K, 12.1 × 10−6/K
and 8.1 × 10−6/K) as compared to pure Mg (26.8 × 10−6/K) [36]. The results (see Figure 2b) suggest
that the alloys and nanocomposites investigated in this study are more dimensionally stable with
respect to temperature when compared to pure Mg.

3.2.3. Damping

The damping characteristics of extruded pure Mg, Mg–3Al, Mg–3Al–2.5La and
Mg–3Al–2.5La–1.9Y2O3 alloys are presented in Table 2. The damping capacity of a material
is defined as the ability to absorb vibration. The value of the damping capacity of a material depends
on its properties such as density, microstructure, and elasticity [8,37]. The results show that the
damping capacity of pure Mg decreased with the addition of Al in Mg–3Al, which was further
enhanced by the addition of 2.5La in Mg–3Al–2.5La. The addition of Y2O3 further improved the
damping capacity of the Mg–3Al–2.5La.

The damping loss rate represents how fast a material stops vibration. The results indicate
that addition of 1.9% Y2O3 decreased the damping loss rate compared to the addition of 2.5% La.
The significant change in the damping properties of alloys can be due to the damping mechanisms
related to texture reorientation, thermal mismatch, defects, porosity, dislocation and grain boundary.

Table 2. Room-temperature compressive and damping properties of pure Mg, Mg–3Al, Mg–3Al–2.5La
and Mg–3Al–2.5La–1.9Y2O3 alloys.

Material
0.2% CYS

(MPa)
UCS

(MPa)
Fracture

Strain (%)
Damping
Loss Rate

Damping
Capacity

Pure Mg [8] 90 ± 6 333 ± 4 23 ± 0.74 8.00 ± 1.000 0.000456
Mg–3Al [8] 154 ± 2 481 ± 7 24 ± 0.5 6.16 ± 0.377 0.000204

Mg–3Al–2.5La [8] 141 ± 4 456 ± 3 18 ± 1 8.29 ± 0.827 0.000265
Mg–3Al–2.5La–1.9Y2O3 156 ± 5 520 ± 8 18 ± 0.70 7.60 ± 0.701 0.000272

3.3. Mechanical Characterization

Compression properties: Table 2 and Figure 5 show the room-temperature compression properties
of extruded pure Mg, Mg–3Al, Mg–3Al–2.5La and Mg–3Al–2.5La–1.9Y2O3 samples under compression
loading. As evident from the results, the addition of 3Al in pure Mg enhanced the compressive yield
strength (CYS), the ultimate compressive strength (UCS) and the fracture strain (FS) from ~90 MPa,
~333 MPa and ~23% to a level of ~154 MPa, ~481 MPa and ~24%. This increase in compressive strength
was due to the hall-patch effect as there was a tremendous (~73%, ~22.6 μm to ~7.76 μm) reduction
in grain size of the pure Mg. Another possible reason is the presence of fine Mg17Al12 precipitates
near the grain boundaries, which lead to precipitation hardening. The addition of 2.5La to Mg–3Al
significantly reduced the CYS, UCS and failure strain values. In spite of the grain refinement (~7.74 μm
to ~6.26 μm), the compression strength of Mg–3Al–2.5La decreased. This was due to the presence
of intermetallic Al2La and Al2.12La0.88 with fine Al11La3 phases, which are hard and exhibit sharp
edges. Stress concentrates on these sharp edges and causes early crack initiation and subsequent crack
propagation. The addition of nano-sized reinforcement particulates of Y2O3 further refined the grain
size of Mg–3Al–2.5La (~6.26 μm to ~3.6 μm) and fragmented the second phases, resulting in the best
improvement of the CYS and UCS.
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Figure 5. Stress-strain curves of extruded pure Mg, Mg–3Al, Mg–3Al–2.5La and Mg–3Al–2.5La–1.9
Y2O3 alloys under compression loading.

The presence of finer secondary phases assisted in restricting the motion of dislocations more
effectively, leading to strength improvement in the case of the nanocomposite. Overall, the fracture
strain remained unaffected (~18%) by the addition of the reinforcement when compared to the base
alloy. Therefore, the addition of nano-sized Y2O3 compensated for the decrease in the compression
strength of Mg–3Al due to the addition of 2.5La, while the presence of La suppressed the formation of
the Mg17Al12 phase, which adversely affects the creep properties of Mg–3Al alloys.

The compression fracture morphology of the Mg–3Al–2.5La–1.9Y2O3 alloy is shown in Figure 3d.
Compressive fractography studies (quasi-static) showed that the materials underwent the shear mode
of deformation with the addition of the reinforcement. The ample split into two parts and the fracture
surfaces of all samples were inclined at an angle of ~45◦. The SEM fractograph of fractured surfaces
revealed the presence of shear bands in the sample. Smooth fracture surfaces exhibited a ductile mode
of fracture in the samples [38,39].

4. Conclusions

In this work, the effect of the addition of Y2O3 on the microstructural and mechanical properties
of Mg–3Al–2.5La alloy was primarily investigated. The following conclusions can be drawn:

1. With the addition of the Y2O3 reinforcement, an even finer grain structure can be realized (~3.6 μm
for Mg–3Al–2.5La–1.9 Y2O3 alloy, 43% less than that of Mg–3Al–2.5La at ~6.26 μm).

2. The microstructural characterization concluded that all intermetallic phases Al2La and
Al2.12La0.88 and Al11La3 were still present in dispersed form, but the sizes of these phases were
refined by the addition of nanosize Y2O3 in the Mg–3Al–2.5La alloy.

3. The compressive results concluded that the addition of Y2O3 to Mg–3Al–2.5La significantly
improved the compressive yield strength and the ultimate compressive strength (CYS from
~141 MPa to ~156 MPa and UCS from ~456 MPa to ~520 MPa), which are even better than those
of the Mg–3Al alloy (CYS, ~154 MPa and UCS, ~481 MPa). There was no adverse effect on the
fracture strain value recorded for Mg–3Al–2.5La with the addition of Y2O3.

4. The damping results concluded that the addition of nanosize Y2O3 to Mg–3Al–2.5La improved
the damping capacity. The addition of the Y2O3 reinforcement also improved the CTE value of
the Mg–3Al–2.5La alloy.
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Abstract: This study focuses on the fabrication and microstructural investigation of Cu–TiH2–C and
Cu–Ti–C nanocomposites with different volume fractions (10% and 20%) of TiC. Two mixtures of
powders were ball milled for 10 h, consequently consolidated by spark plasma sintering (SPS) at 900
and 1000 ◦C producing bulk materials with relative densities of 95–97%. The evolution process of TiC
formation during sintering process was studied by using X-ray diffraction (XRD), scanning electron
microscopy (SEM), and high resolution transmission electron microscopy (HRTEM). XRD patterns
of composites present only Cu and TiC phases, no residual Ti phase can be detected. TEM images
of composites with (10 vol % TiC) sintered at 900 ◦C show TiC nanoparticles about 10–30 nm
precipitated in copper matrix, most of Ti and C dissolved in the composite matrix. At the higher
sintering temperature of 1000 ◦C, more TiC precipitates from Cu–TiH2–C than those of Cu–Ti–C
composite, particle size ranges from 10 to 20 nm. The hardness of both nanocomposites also increased
with increasing sintering temperature. The highest hardness values of Cu–TiH2–C and Cu–Ti–C
nanocomposites sintered at 1000 ◦C are 314 and 306 HV, respectively.

Keywords: spark plasma sintering; Cu–TiC; in-situ composites; mechanical milling

1. Introduction

Metal matrix composites (MMCs) are advanced materials which combine ductility and toughness
of metal and high strength and modulus of ceramic particles. The unique properties of MMCs are
high specific strength, specific modulus, and good wear resistance compare to unreinforced metal [1].
In many type of MMCs, copper matrix composites (CMCs) have received a lot of interest because of
super toughness and wear resistance which are used for structural application in wear industry [2].
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Generally, there are two routes to produce particulate-reinforced CMCs, which are ex-situ and in-situ.
In the ex-situ method, ceramic particles such as TiB2, TiC, and oxide are introduced into the metal
matrix via powder metallurgy or conventional casting methods [3,4]. However, the CMCs fabricated
by these methods revealed a drawback because of poor interfacial bonding between reinforcement
particles and copper matrix [5]. In order to improve the wettability of the Cu matrix and reinforcement
phase, nano-ceramic particles were used [6]. Nevertheless, ceramic nanoparticles have tendency to
segregate into clusters in milling process leading decrease strength of composite. The distribution of
reinforced particles are non-uniform in the copper matrix, the mechanical and electrical features of
the composite will be affected negatively [7]. On the contrary, ceramic particles synthesized by the
in-situ method were dispersed more homogeneously in the copper matrix. The interfaces between
reinforcement particles and matrix are clean, and very fine reinforcement particles are formed. Among
CMCs, Cu–TiC system is attracted more attention due to their potential applications as electrical
sliding contacts, resistance welding electrodes [8]. In the in-situ method, TiC nanoparticles were
produced by the reaction between Ti and C during sintering process. In order to prevent grain growth
of reinforcement and copper particles occur at high sintering temperature a fast sintering process need
to be carried out. Spark plasma sintering (SPS) has some advantages such as rapid sintering, uniform
sintering, low running cost, easy operation proves a suitable sintering technique for consolidation
nano-structure, nanocomposite, and amorphous materials. In SPS, very high temperature over melting
temperature may be attained in the contact area of powder particles which enhances interparticle
bonding without considerable grain growth occurring [9–13].

The replacement of Ti powder in Cu–Ti–C composite by another powder such as TiH2 is
considerable because of high price of Ti powder. In addition to, dehydrogenation of TiH2 occurs during
sintering process is always accompanied by formation of high concentration of lattice defects and the
highly activated Ti atoms. Released hydrogen from TiH2 will react with oxygen on the surface of TiH2
powders in the form of H2O which affect positively on the electrical conductivity of the composite [14].

The objectives of the present work are to explore the possibility of synthesizing Cu–TiC in-situ
composites made from Cu–TiH2–C and Cu–Ti–C powder mixtures by mechanical milling and SPS.
The effect of reinforcement content and sintering temperature on microstructure and hardness
properties of composites was investigated.

2. Experimental Procedure

The copper (with average particle size of 75 μm), titanium (average particle size of 45 μm), TiH2

(average particle size of 40 μm) and graphite (average particle size of 5 μm) powder (≥99% purity, from
HIGH PURITY CHEMICALS Co., Ltd., Chiyoda, Japan) were used as starting materials. The powder
mixtures of two composites Cu–TiH2–C and Cu–Ti–C with mixing ratio of 10 and 20 vol % TiC were
mechanically milled in a high-energy planetary ball mill (P100-Korea). Milling was operated for 10 h at
the rotational speed of 500 rpm and 0.5 wt % stearic acid was used as the milling process control agent.
Balls and vials are made of stainless steel, the diameter of the balls was 5 mm and the powder-to-ball
ratio was 1:10. The vial was evacuated and subsequently filled with argon up to 0.3 MPa.

A 1.5 g amount of as-milled powder was loaded into a cylindrical graphite die with 10 mm-inner
and was subjected to a pulsed current using a spark plasma sintering equipment, (SPS-515 apparatus
Sumitomo Coal Mining, Tokyo, Japan). The chamber was pumped to low vacuum (<5 Pa).
The composite powders were spark plasma sintered at 900 and 1000 ◦C under a pressure of 50 MPa for
5 min with a heating rate of 50 ◦C/min.

X-ray diffraction patterns of the composites were recorded by a SIEMENS D5000 diffractometer
(Siemens Industry Inc., Karlsruhe, Germany) using Cu Kα radiation (λ = 1.5418 Å). Microstructural
analysis of powders and composite samples was carried out by using Scanning Electron Microscopy
(SEM/EDX-JEOL JSM-7600F, JEOL Ltd., Tokyo, Japan) and Transmission Electron Microscopy
(TEM-JEOL JEM-2100, JEOL Ltd., Tokyo, Japan). Relative densities of bulk composites were determined
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by Archimedes method. The indexation of such selected area electron diffraction (SAED) patterns was
performed using JEMS software [15].

Microhardness measurements were performed using a Vickers hardness instrument (Mitutoyo
MVK-H1 Hardness Testing Machine, Mitutoyo, Japan) under a load of 100 g.

To analyze the surface of fracture, samples were simply fractured by gripping the halves of the
composite with pliers and bending them apart.

3. Results and Discussion

3.1. Characterization of the Powders

Figure 1a,b shows SEM images of starting powders, respectively for TiH2 and copper powders.
TiH2 particles have an irregular shape while Cu powder particles have a dendritic shape. Figure 1c–f
show SEM images of composite powders formed after 10 h of milling of Cu–TiH2–C and Cu–Ti–C
mixtures, with different amounts of reinforcement particle content. As one can observe, the increase of
the reinforcement particle content the particle size of milled powders decreases for both composites.
Cu–Ti–C composite presented finer particles than those for the Cu–TiH2–C composite, with the same
reinforcement particle content. As can be seen from SEM images shown in Figure 1g,h. Some large
particles were formed due to agglomeration of small particles reaching a size of 10–30 μm. EDS analyses
(Figure 2) were performed on particles such as in Figure 1g,h which presents spectra relative to such
analyses, of which it is worth noting that there was no contamination of Fe either from the milling
tools (Table 1). However, such contamination was already observed even in the ex-situ method as
reported in [16].

 

Figure 1. Cont.
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Figure 1. SEM of starting powders in (a) TiH2 and (b) copper powders. SEM images of composite
powders milled for 10 h, with 10 vol % TiC in (c) Cu–TiH2–C and (d) Cu–Ti–C; and with 20 vol %
TiC in (e) Cu–TiH2–C and (f) Cu–Ti–C. Higher-magnification SEM images; the rectangles mark areas;
from which EDS spectra were taken (g) Cu–TiH2–C and (h) Cu–Ti–C.

Figure 2. Typical EDS analyses acquired from particles presented in Figure 1e (Cu–Ti–C) in (a) and
Figure 1f (Cu–TiH2–C) in (b), both with 20 vol % TiC.

Table 1. EDS analysis of the ball milled powders with 20 vol % of TiC reinforcement particles.

Composite
Concentration, wt %

Cu Ti C O

Cu–TiH2–C 73.78 8.75 13.42 4.05
Cu–Ti–C 70.73 7.89 16.49 4.89

3.2. Characterization of Compacts after SPS

X-ray diffraction patterns of as-sintered nanocomposites are illustrated in Figure 3. After SPS
at 900 ◦C (Figure 3a), XRD patterns presents only diffraction peaks related to pure copper. There
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is a shift peak of copper in sintered composite compare to starting Cu powder. This fact clearly
evidences that most of the Ti and C have dissolved in the copper matrix and also that the sintering
temperature was not high enough to precipitate the TiC phase. Conversely, by increasing the sintering
temperature to 1000 ◦C, Ti reacts with C, and TiC precipitates, as it is clearly noticeable in the XRD
patterns of Figure 3b for mixtures with 20 vol % TiC. However, there is reason to believe that the
same has occurred for mixtures with 10 vol % of TiC because this is a thermodynamical condition.
TiC weight percentages in bulk composites sintered at 1000 ◦C produced from starting powders was
calculated by Rietveld refinement method as shown in Table 2. The weight percentages of in-situ
TiC nanoparticles with 10 vol % reinforcement particles for Cu–TiH2–C and Cu-Ti–C composites are
1.43 and 2.86%, respectively. Furthermore, as it will be under mentioned, TEM analyses confirm the
presence of TiC nanoparticles in mixtures with 10 vol % of TiC. At higher reinforcement particles of
20 vol %, the amount of TiC precipitated from Cu–TiH2–C and Cu-Ti–C composites also increases to
6.9 and 6.45 wt %, respectively. Additionally, it is important to observe that there was no precipitation
of intermetallic phases during sintering process at any of the sintering temperatures. If one considers
the Cu–Ti–C system, normally Cu, Ti, and C may interact to form several products through chemical
reactions [17]. However, the Gibbs free energy of TiC formation at the temperature of 1273 K is about
84.4 kJ/mol, which is much lower than those to form other intermetallic phases of Ti and Cu, implying
that the precipitation of TiC is thermodynamically preferred relative to other possible reactions.
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Figure 3. XRD patterns of nanocomposites (a) Spark Plasma Sintered at 900 ◦C; (b) Spark Plasma
Sintered at 1000 ◦C.

Table 2. Fraction of phases of Cu–TiH2–C and Cu–Ti–C composites sintered at 1000 ◦C calculated by
Rietveld refinement.

Phase

Fraction of Phases (%)

Cu–TiH2–C Cu–Ti–C

10 vol % TiC 20 vol % TiC 10 vol % TiC 20 vol % TiC

TiC 2.86 6.9 1.43 6.45
Cu 97.14 97.14 98.57 93.55

Figure 4a–d present backscattered electron (BSE) SEM images of Cu–TiH2–C and Cu–Ti–C
nanocomposites sintered at 1000 ◦C, showing details of the surface of samples. From these images,
one can observe the presence of three gray tones, where black regions indicate the presence of some
closed porosity on the surface, dark-gray regions correspond to the solid solution Cu(Ti, C), and,
finally, white regions correspond to Cu-richer regions. It is interesting to note that the porosity is
minimal for Cu–TiH2–C nanocomposites for any amount of TiC. The porosity increases for Cu–Ti–C
nanocomposites but reduces by increasing the amount of TiC. However, apparently, Cu-richer regions
are thinner and better distributed for Cu–Ti–C nanocomposites than for Cu–TiH2–C ones, diminishing
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with the amount of TiC. Conversely, the thicker and worse distributed Cu-richer regions in Cu–TiH2–C
nanocomposites augment with the amount of TiC.

Relative density measurements, presented in Table 3, confirm the above results regarding porosity.
The relative density of the Cu–TiH2–C and Cu–Ti–C nanocomposites increases as the sintering
temperature increases from 900 to 1000 ◦C. Therefore, one could infer that this fact may be due to the
enhanced viscosity of Cu/Cu(Ti, C) matrix at the higher sintering temperature, which results in an
efficient filling of pores due to high diffusion rates. In composites produced in-situ, the interfacial area
is higher compared to ex-situ composites, detrimental effects of interfacial phenomena (decohesion,
void formation) are more likely to prevail at high sintering temperatures compared to low sintering
temperatures. Islak et al. [7] reported that in hot-pressed Cu–Ti–C nanocomposites, with 10 vol % TiC,
the highest relative density obtained was about 86.4%, while in our samples, with the same TiC content,
it is, on average, around 96.8 either for Cu–TiH2–C or Cu–Ti–C nanocomposites sintered at 1000 ◦C.
The presence of porosity on the surface of nanocomposites is a natural result of the consolidation
process. The relative density of Cu–TiH2–C has higher than that of Cu–Ti–C composite that why the
amount of porosity can be seen in Figure 4b,d is more than in Figure 4a,c, respectively. The maximum
relative density values were measured for Cu–TiH2–C and Cu–Ti–C nanocomposites at the sintering
temperature of 1000 ◦C with 10 vol % TiC, which were 97% and 96.6%, respectively.

10μm

(a) 

10μm 

(b) 

10μm

(c) 

10μm 

(d) 

Figure 4. SEM images of Cu–TiH2–C and Cu–Ti–C nanocomposites Spark Plasma Sintered at 1000 ◦C:
(a) 10 vol % TiC, Cu–TiH2–C nanocomposite; (b) 10 vol % TiC, Cu–Ti–C nanocomposite; (c) 20 vol %
TiC, Cu–TiH2–C nanocomposite; (d) 20 vol % TiC, Cu–Ti–C nanocomposite.

Table 3. Relative density of Spark plasma sintered Cu–TiH2–C and Cu–Ti–C nanocomposites.

Sintering
Temperature (◦C)

Relative Density (%)

Cu–TiH2–C Cu–Ti–C

10 vol % TiC 20 vol % TiC 10 vol % TiC 20 vol % TiC

900 95.8 95.3 95.4 95.2
1000 97.0 96.4 96.6 96.2
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Figure 5 displays TEM images of Cu–TiH2–C nanocomposites with 10 vol % TiC and sintered
at 900 ◦C. As one can observe, Ti still continues in the matrix, having a particle size of about 50 nm.
Figure 5a shows some TiC nanograins of about 10–20 nm precipitated near Ti particles. As stated
before, the reaction between Ti and C is not complete because the sintering temperature is not high
enough to enhance the diffusion of C into Ti. Thus most of Ti and C remains in the composite matrix.
Figure 5c–e presents examples of selected area electron diffraction (SAED) patterns of Cu–TiH2–C
nanocomposite showing diffraction patterns for Cu, Ti, and TiC particles. There is a small misfit in
the indexation of Cu due to the presence of Ti and C in solution into the copper. In addition, there are
extra spots in SAEDs because of particle sizes. As the particles are smaller than the smallest aperture,
the diffraction will be taken from the particle and regions around. At the sintering temperature of
1000 ◦C, TiC particles precipitate copiously on the nanocomposite matrix with particles size ranging
between 10 and 30 nm as shown in Figure 6a,b. No other phase containing Ti could be detected under
the TEM resolution.

Figure 6c,d present TEM images of Cu–Ti–C nanocomposites, with 10 vol % TiC, and sintered
at 900 ◦C, showing few TiC nanoparticles with sizes ranging between 10 to 30 nm. As it occurred for
Cu–TiH2–C nanocomposites, at the low sintering temperature of 900 ◦C, only a small fraction of Ti
will react with C, and most of Ti and C continue dissolving in the composite matrix. At the sintering
temperature of 1000 ◦C (Figure 6e,f), more TiC precipitates, whose particle size ranges from 10 to
20 nm. Nevertheless, Ti is still observed in the HRTEM image presented in Figure 6f.

The presence of TiC, even in mixtures with 10 vol % of TiC at high sintering temperature during
XRD analyses (Figure 3), is confirmed by the observation that TiC precipitates in the TEM analysis.

 

Figure 5. TEM images and SAED of Cu–TiH2–C nanocomposites of 10 vol % TiC sintered at 900 ◦C:
(a) bright-field image; (b) HR-TEM image of TiC crystal on copper matrix; (c) SAED of Ti; (d) SAED of
TiC; and (e) SAED of copper.

As it can be observed in Figures 5 and 6, the amount of TiC precipitated in the Cu–TiH2–C
nanocomposite is higher than that for Cu–Ti–C after sintering at 1000 ◦C. Yang et al. [14] also prepared
bulk TiC from TiH2–C and Ti–C by self-propagation high-temperature synthesis method. By XRD and
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DSC results, they found that for TiH2–C, Ti and C reacted to produce TiC in the temperature range of
1130 to 1300 ◦C, very small amount of Ti remained after SHS process. For Ti–C, only an endothermic
peak appears at 880 ◦C because of the α-Ti transformation to β-Ti and a lot of Ti and C remain. Little
TiC is detected, but the amount is much smaller than TiH2–C.

 

Figure 6. TEM images of: Cu–TiH2–C nanocomposite—10 vol %TiC and sintered at 1000 ◦C, bright-field
image in (a) and HR-TEM image in (b); Cu–Ti–C nanocomposite—10 vol %TiC and sintered at 900 ◦C,
bright-field image in (c) and HRTEM image in (d); Cu–Ti–C nanocomposite—10 vol %TiC and sintered
at 1000 ◦C, bright-field image in (e) and HRTEM image in (f), SAEDs refer to TiC particles.

3.3. Hardness Results of Compacts

The hardness of a composite is an important parameter that determines their wear resistance for
sliding contact applications. In this sense, hard TiC particles play an important role when reinforcing
the soft Cu matrix. These particles lead to a higher hardness of the composite. Table 4 summarizes
hardness values for all conditions studied in this work. From this table, it is possible to observe that,
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at the sintering temperature of 900 ◦C, hardness values of Cu–Ti–C nanocomposites are lower than
those for Cu–TiH2–C nanocomposites, for any addition of TiC. The formation of Cu(Ti, C) solid solution
enhances the hardness of the composites. As the sintering temperature increases, there is a significant
increase in the hardness values because more TiC particles precipitate after the reaction between Ti and
C. The highest hardness value of an ex-situ Cu–Ti–C composite with 10 vol % of TiC was found to be
about 86.4 HV [7], much lower than those found for the in-situ produced nanocomposites of this work,
which were 295 and 290 HV respectively for Cu–TiH2–C and Cu–Ti–C nanocomposites with the same
TiC content and sintered at 900 ◦C. By increasing the volume of TiC, the hardness of nanocomposites
also increases to 314 and 306 HV correspondingly for Cu–TiH2–C and Cu–Ti–C nanocomposites when
sintered at 1000 ◦C.

Table 4. Hardness values of nanocomposites sintered at 900 and 1000 ◦C.

Sintering
Temperature (◦C)

Hardness Value, HV

Cu–TiH2–C Cu–Ti–C

10 vol % TiC 20 vol % TiC 10 vol % TiC 20 vol % TiC

900 250 245 242 244
1000 295 314 290 306

3.4. Fracture Analysis

Figure 7 presents fracture morphologies of nanocomposites with 10 vol % TiC. The presence of
dimples on the fracture surface suggests a ductile fracture mode in both nanocomposites Cu–TiH2–C
and Cu–Ti–C. Fracture surface of the composites exhibits nano-void and micro-void coalescence in the
matrix. Gray ultrafine particles are embedded in the copper matrix, which are fracture paths along
grain boundaries of the matrix.

100nm

(a) 

100nm 

(b) 

100nm

(c) 

100nm 

(d) 

Figure 7. Fracture surfaces of 10 vol. %TiC (a) Cu–TiH2–C nanocomposite sintered at 900 ◦C;
(b) Cu–Ti–C nanocomposite sintered at 900 ◦C; (c) Cu–TiH2–C nanocomposite sintered at 1000 ◦C;
and (d) Cu–Ti–C nanocomposite sintered at 1000 ◦C.
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At the highest sintering temperature of 1000 ◦C, one can observe a better contact between
reinforcement particles and matrix, as presented in Figure 7c,d. The dimple size decreases with
an increase in TiC content from 10 to 20 vol % as seen in Figure 8. The presence of more reinforcement
particle content in the copper matrix prevents dimple growth. The fracture behavior of these
nanocomposites also depicts a mixed mode, with the brittle mode of fracture being the predominant
one. The fracture surface of both composites indicate nearly flat surface, minimal plastic deformation
preceding the fracture occurs. The microscopic characteristics include faceted surface and transgranular
fracture of Cu grains in the composites.

100nm

(a) 

100nm 

(b) 

100nm

(c) 

100nm 

(d) 

Figure 8. Fracture surfaces of 20 vol % TiC (a) Cu–TiH2–C nanocomposite sintered at 900 ◦C;
(b) Cu–Ti–C nanocomposite sintered at 900 ◦C; (c) Cu–TiH2–C nanocomposite sintered at 1000 ◦C;
and (d) Cu–Ti–C nanocomposite sintered at 1000 ◦C.

In order to investigate the distribution of reinforcing particulates in copper matrix, EDS analyses
for the composite sintered at 1000 ◦C with 10 vol % TiC, is presented in Figure 9. The size of the
“waves” on the Ti and C concentration profiles along the x-axis (distance) corresponds well to the size
of the TiC nanoparticles introduced into the copper matrix through ball milling. The distribution of
the Ti and C through copper matrix in Cu–TiH2–C is better than of Cu–Ti–C. The content of oxygen
in Cu–TiH2–C is lower than Cu–Ti–C composite which means that the effect of hydrogen release
from TiH2 reacts with the oxygen lead to reduce the oxygen content in the composite after sintering.
No contamination such as Fe from the balls and jar can be detected for both composites.

Figure 9. Cont.
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Figure 9. SEM images and EDS profiles for (a) Cu–TiH2–C and (b) Cu–Ti–C composites sintered at
1000 ◦C with 10 vol % reinforcement particles.

4. Conclusions

In-situ copper matrix composites strengthened with (10 and 20 vol %) TiC were prepared by SPS
of ball milled mixtures of Cu–TiH2–C and Cu–Ti–C powders. The relative densities of composites
sintered at 900 and 1000 ◦C are in the range of 95%–97%. The XRD of composites sintered at 900 ◦C
showed only Cu(Ti, C) solid solution, no trace of TiC or oxide phases. Increasing sintering temperature
to 1000 ◦C, diffraction peaks of TiC and pure Cu phases can be seen from XRD patterns for composites
reinforced with 20 vol % TiC, while for composite with 10 vol % TiC reinforcement no diffraction
peaks of TiC phase can be detected. The results of TEM analysis for these composites confirmed
the presence of nanoparticle TiC about 10 to 20 nm disperse on Cu matrix near residual Ti particles
whereas, under XRD resolution, it cannot detected. A larger amount of TiC nanoparticles precipitated
in the Cu–TiH2–C composite is observed than for that of Cu–Ti–C from TEM images. These TiC
nanoparticles enhance the hardness of composites prepared from the former. With the increasing the
reinforcement particles content from 10 to 20 vol % the hardness values of composites increased while
relative density slightly decreased. The hardness of composites also increased with increasing sintering
temperature with any reinforcement particles addition. The highest hardness values of Cu–TiH2–C
and Cu–Ti–C composites sintered at 1000 ◦C are 314 and 306 HV, respectively.
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Abstract: Iron powders having average particle sizes of ~40 μm are mechanically mixed thoroughly
with aluminum powders ranging from 1 to 10 in wt. %, with an average particle size of ~10 μm.
Two different powder metallurgy (PM) techniques, cold and hot pressing, are used to study the effect
of the additive element powder on the mechanical properties, wear properties, and the microstructure
of the iron based alloys. The hot pressing technique was performed at a temperature reaching up to
500 ◦C at 445.6 MPa. The cold pressing technique was performed at 909 MPa at room temperature.
By increasing the Al content to 10 wt. % in the base Fe-based matrix, the Brinell hardness number was
decreased from 780 to 690 and the radial strength from 380 to 228 MPa with reductions of 11.5% and
40%, respectively. Improvement of the wear resistance with the increase addition of the Al powder to
the Fe matrix up to five times was achieved, compared to the alloy without Al addition for different
wear parameters: wear time and sliding speed.

Keywords: iron aluminum alloys; cold/hot PM; compressibility factor; wear resistance

1. Introduction

Some of the advantages of powder metallurgy (PM) alloys include minimum cost, high
flexibility, ability to be shaped into complicated products, use metastable structures, and wide-ranging
reinforcement levels [1,2]. Powder metallurgy technique can be used to reach homogeneity in the
matrix distribution of the reinforcement without extreme reaction of matrix–reinforcement, which
causes a problem in some techniques, such as stir casting or squeeze infiltration of the reinforcement
in the molten matrix, under a dry and protective atmosphere. This is a result of the development
of transient liquid phase throughout the sintering process. The liquid phase penetrates between the
matrix grain boundaries, in the case of satisfactory wetting of the matrix by the melt.

Metal matrix composites (MMCs) containing nonmetallic particulates tend to ameliorate the
wear and mechanical properties, through the creation of constraints to the distortion of the material
during the mechanical working [3,4]. Perhaps the greatest advantage of PM techniques falls in the
development of special material structures and the possibility of combining different components,
widening the field of application of the PM materials [5,6]. Iron (Fe) is renowned for its strength
and low price but it is very heavy in weight. To make use of it in scenarios that demand lightweight
without resorting to buying expensive stronger materials such as titanium (Ti), it is often alloyed
with aluminum (Al) which is light and cheap. The mixture of iron and aluminum usually includes a
sprinkling of manganese to make it less brittle. Brittle intermetallic compounds can form poor ductility
alloys at room temperature, which would limit their usage, as they are difficult to process into useful
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shapes, such as plates and tubes [7]. Using strengthening second phase control, Fe–Al alloys can be
effectively hardened by controlling aluminum morphology and dispersion, in the iron based alloy [7].
Phase identification for Fe–Al alloys was initiated by the early effort of Koster and Tonn in 1933 [8]
on the equilibrium phases. James [9] showed that subjected to the temperature and chemistry, there
are three stated equilibrium phases for Fe–Al alloys: γ-austenite, α-ferrite, and β-Mn. The compound
Fe–Al is present in a variety of compositions, mostly on the iron rich side of stoichiometry. It is
characterized by its ordered body centered cubic (BCC) structure [10]. It has been an important
subject of interest, commercially, due to its outstanding oxidation resistance, acceptable strength at
high temperatures reaching ≈530 ◦C, and minimum density (5.76–6.32 g/cm3 depending on Fe/Al
ratio) when related to other iron based alloys utilized in market [11]. Iron aluminide intermetallic of
Fe3Al and FeAl possesses attractive properties for application, such as structural materials at high
temperatures in aggressive environments [12,13]. Tanaka et al. [14] investigated Fe–Al superalloys
with an 11.5% Al content; they have a relatively high solvus temperature with high hardness when
aged at 600 ◦C. Although the agreement with the experimental results was not optimum, Carbon and
Al contents had a positive influence on the constituent phase for the stability of the κ carbide phase;
however, the experimental results were not in an optimum agreement with this finding [15].

Since the early 2000s, the interest in the Fe–Al alloys for automotive applications has been
aggravated in Europe and Japan [16], as the demand arose in the light of producing durable
automobiles. Due to the wide difference between the melting temperatures of iron (~1540 ◦C) and
aluminum (~660 ◦C), the sintering of Fe–Al was, in fact, liquid phase sintering. As the sintering
treatment is carried out above the melting point of the aluminum, the liquid phase may be stable or
transient at the usual sintering temperatures, approximately 30 wt. % Al being soluble in α–Fe [16].
Although lightweight steel has an apparent shape of simplicity, it is very complex in its underlying
metallurgical issues, which is associated to its potential to have structures, such as austenitic, ferritic,
or even multiphase. TRIPLEX is a multiphase steel described in the literature by Frommeyer and
Brux [17], which is a Fe–Al–Mn–C lightweight alloy characterized by having high ductility, strength,
and a multiphase structure. The three major phases of TRIPLEX steel have a matrix phase composition
of austenite with volume percentages of ferrite lying from 5 to 15; moreover, finely dispersed nano size
κ-carbides all over the austenite with volume percentages less than 10 wt. %. Frommeyer and Brux [17]
added Al up to 12 wt. % and reported a 1.5% linear relationship with the decrease in density per adding
1 wt. % of Al. Their distinctive of Fe–28Mn–12Al–1C alloy was tested mechanically in a uniaxial tensile
test, which was accomplished at strain rate of 10−4 s−1 and room temperature. The results showed
that ultimate tensile strength reached 1000 MPa, yield strength of 730 MPa, and total elongation of
55%. Sutou et al. [18] lately stated that by Al addition for more than 11 wt. %, the Fe–Al alloy cold
workability has been depreciated to ~10%.

Material’s wear resistance is vital for designers as it is linked to surfaces’ interactions; particularly,
mechanical action of the opposite surface leading to material’s elimination and deformation. The wear
analysis of Fe–Al alloys, with Fe being the base matrix, is deficient in the literature [19,20]. Perhaps one
of the inimitable studies on the worn surfaces for Fe–Al alloys was reported by Xu et al. [21], where
the Fe–Al alloys were found to exhibit high wear resistance. They found that with augmenting the
load, a slight reduction in friction takes place, as a result of increased friction contact temperature and
the bigger areas on the worn surface of the oxidized film, which act as a solid lubricant. At the deeper
position below the surface, augmenting the load increases the shear stress; thus, aggravating the wear
as aluminum affects the flexibility of the alloy [21]. Kim et al. [22] stated that the increase in wear rate
of the iron-aluminides containing 25, 28 and 30 wt. % aluminum is associated with the increase of
wear sliding speed and applied normal load; moreover, wear resistance of the aluminides decreased
with augmenting the aluminum contents, where a ductile material’s wear behavior linked to plastic
deformation was discovered under SEM observations at worn surfaces of the iron-aluminides [22].

Mechanical alloying using two PM processing techniques, hot and cold pressed, were used for
the production of strengthened Fe-based alloys, having additives of Al ranging within 1, 2, 3, 5 and
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10 in wt. %. The procedure is based on a blending process in a hot and cold pressed attrition for
elemental powders along with master alloy, which are ball milled in a protective and dry atmosphere.
The present work aims to control and optimize the production of processing parameters, through
suitable compaction die design to get dense PM parts, and study the influence of the production
methods on the structure density, hardness and wear properties of the iron alloys containing aluminum
as a dispersed.

2. Experimental Procedures

A commercial pure iron powder reduced by hydrogen, with 99.1% purity, average particle size of
~40 μm, molecular weight of 55.845 g/mol, and a density of 7.845 g/cm3, was mechanically mixed
thoroughly with aluminum powders as reinforcement, with 99.9% purity, average particle size of
~10 μm, mesh No. 80, molecular weight of 26.98 g/mol, and a density of 2.9 g/cm3. The iron metallic
powder was obtained from CNPC powder (Charlottetown, PE, Canada), whereas the aluminum
metallic powder was obtained from ALDRICH (Darmstadt, Germany). The two metallic powders
were mechanically mixed to study the effect of the aluminum addition on the mechanical and the
wear properties of the iron based alloys. The weights of powders were calculated, to manufacture
specimens of iron based alloys with Al additives ranging within 1, 2, 3, 5 and 10 in wt. %.

An arrangement of single acting piston cylinder, at room temperature, was adopted to perform the
compaction process, as shown in Figure 1. The arrangement aimed obtaining dimensions of the green
compact of 30 mm in diameter and 50 mm in height. The temperature was maintained at the desired
level with a tolerance of ±5 ◦C. A pressing pressure of 909 MPa with cold pressing was calculated,
with the assumption that the cross section area of the compact is equal to the cross section area of the
die [8];

P =
4 F

πD2 (1)

where P is the pressing pressure (MPa), F is the load (N) and D is the die diameter (mm). Various
temperatures of molds were experienced with a maximum of 500 ◦C, while maintaining a pressure of
445.6 MPa with hot pressing and fixed cross head velocity of 2 mm/min. The setup was; consequently,
heated then maintained for half an hour at the chosen temperature, for the sake of reaching temperature
homogeneity all over the powder alloy. Afterwards, a reduction of the forming pressure was taken
place for all tested hot components. Consequently after the compact operation, samples were enclosed
using foils of aluminum surrounded with a graphite powder to shield its surface from the atmosphere
during the sintering process, avoiding any potential reaction with oxygen and nitrogen. The cold and
hot compacts were then sintered at 800 ◦C for one hour before being, finally, furnace cooled. The radial
strength of the sintered pressed samples was determined using ASTM B939-15 standards [23,24],
whereby annular compacts are crushed; the radial strength was calculated as:

RS =
Lc(D − T)

h·T2 (2)

where RS is the radial strength (MPa), Lc is the crushing load at failure (N), T is the compact wall
thickness (mm), D is the outer compact diameter (mm), and h (mm)is the height of the compact mass of
specimen and its cross section were constant. The final compact height hc was calculated as follow [25]:

hc =
ho(RD)i
(RD)C

(3)

where ho is the initial compact height after 1 ton pressing, (RD)i is the initial relative density, the (RD)c

is the compact relative density after sintering. The initial relative density can be calculated as follow:

(RD)i =
mass/

(
ho·π

4 ·D2)
ρc

(4)
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where ρc is the compact density (g/cm3). The compact relative density after sintering can be calculated
from Equation (5), and the compact relative density is calculated according to Equation (6);

(RD)c =
ρm
ρc

(5)

ρc =
w1% + w2% + . . . + wn%

∑n
i=1 (w%/ρ)i

(6)

where ρm is the measured compact density, wi % is the weight fraction of element i, ρi is the density
of element i, and n is the element’s number. The compressibility factor Cf of the metal powder was
calculated using Equation (7) [26,27];

Cf =
ρc − ρo

P1/3 (7)

where ρo is the apparent density of the powder (g/cm3), and P is the applied pressure. The porosity
was calculated after the sintering process for each specimen according to θ = 1 − (RD)c. Metallographic
specimens were then prepared by polishing and etching done mechanically in a solution of 20 mL
HNO3 + 10 mL H2SO4 + 20 mL H2O then cleaned by a solution of 10 mL NaOH + 100 mL H2O. Brinell
hardness was measured using a 5 mm in diameter hardened ball, at 750 Kg load for 15 s.

Figure 1. The setup of die of PM pressing technique.

3. Results and Discussion

3.1. Microstrautral Optical Investigations

The microstructure investigation on the Fe-based alloys was conducted using a Jeol 5400 scanning
electron microscope (SEM) unit. It is connected to an EDS detector attachment used to detect various
particle properties after the manufacture process. Particle size, morphology, shape, and agglomeration
are obtained. The aluminum contents ranging within 1, 2, 3, 5 and 10 in wt. % were added to the iron
powder and then produced using cold and hot pressing techniques. The measurements were carried
out three times under the same conditions, to ensure repeatability. The achieved theoretical density
after the sintering of the cold pressing samples was found to be 95% from the solid density.

3.1.1. Cold Pressed

Figure 2 shows the optical micrographs of the cold pressed (CP) Fe-based alloys with aluminum
contents ranging within 1, 2, 3, 5 and 10 in wt. % at a pressing pressure of P = 909 MPa followed by a
sintering process at 800 ◦C for one hour followed by furnace cooling process. The pure iron specimens
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were sintered at higher temperature up to 900 ◦C for one hour followed by furnace cooling process.
The sintering process resulted in reducing the specimen’s porosity due to coalescence processes
between powders and eliminating the specimen’s pores. It creates new distinctive solid–solid interface,
and reduces the free energy occurring during sintering on the 1 μm particles to a 1 cal/g decrease.
On a microscopic scale, varying pressure and free energy across the curved surface affect obviously
the material transfer. In other words, the increase of small particle size with high curvature results in
augmenting the differences in free energy across the curved surface [28–32].

Figure 2. Optical micrographs of (a) Fe-0 wt. % Al, (b) Fe-1 wt. % Al, (c) Fe-2 wt. % Al, (d) Fe-3 wt. % Al,
(e) Fe-5 wt. % Al, (f) Fe-10 wt. % Al alloys cold pressed at pressure of 909 MPa followed by sintering
process of at 800 ◦C per one hour at constant furnace cooling conditions.

It is noticed in Figure 2c,d that a fine dispersion of precipitates occurs at the grain surface.
The uniform distribution of the Fe and Al in the homogenous structures was noticed in alloys with
Al additions of 2 or 3 wt. % compared to the rest of the Fe-based matrix alloys. Fast growth of the
iron grains during sintering was observed as one of the limitations of the cold pressed PM method.
In addition, it should be reported that surface cracks in the Fe–10 wt. % Al alloy were encountered.

3.1.2. Hot Pressed

Hot pressing (HP) technique followed by heat treatment was performed to avoid the limitations
observed under the cold compaction technique. The Fe–5 wt. % Al and Fe–10 wt. % Al alloys were
selected to conduct the hot pressing process. The specimens were pressed at 445.6 MPa, under a
pressing temperature ranging from 200 to 500 ◦C, followed by a heat treatment for one hour duration,
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at a temperature of 800 ◦C, going to furnace cooling conditions of 1 ◦C/min [6]. The temperature was
then held at the same level with a tolerance range of ±5 ◦C. Figure 3 shows the microstructure of the
hot pressed Fe–5 wt. % Al alloys samples with various pressing temperatures (TP).

The hot pressed samples followed by heat treatment showed very fine and uniformly dispersed
Fe–5 wt. % Al alloys, precipitated around the grain boundaries, with an average particle size of ~5 μm
in the Fe-based matrix. Figure 4 shows a homogenous structure of Fe–10 wt. % Al alloy, which was
obtained with heat treatment at 800 ◦C for one hour and furnace cooling as the cracks after the sintering
process had disappeared.

Figure 3. Microstructure of Fe–5 wt. % Al alloys hot pressed at (a) 200 ◦C, (b) 300 ◦C, (c) 400 ◦C,
(d) 500 ◦C.

 
Figure 4. Microstructure of hot pressed Fe–10 wt. % Al alloy with heat treatment at 800 ◦C for one
hour and furnace cooling conditions.

3.2. Hardness and Radial Crushing Strength

A minimum of ten readings were taken for the different cases to guarantee consistency of the
Brinell hardness values crosswise the surface of material; the average of the readings is presented
in Table 1. Radial strength tests were performed using an Instron 8562 universal mechanical tester
under quasi static loading and a strain rate of 8 × 10−5 ± 5% s−1, at laboratory temperature. Specific
dimensions of cylindrical specimens were set at a 30 mm diameter and a height of 50 mm. The samples
went through deformation until crashed. Three similar samples were arranged for every test situation
and subjected to the same loading conditions, to guarantee homogeneity and consistency. The average
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test value of all the three samples of the radial crushing strength was reported in Table 1. By increasing
the Al content to 10 wt. % in the base Fe-based matrix, the Brinell hardness number was reduced from
780 to 690 and the radial strength from 380 to 228 MPa, as shown in Table 1. The hardness and radial
strength of Fe–10 wt. % Al alloy was considerably lower than that of the Fe–0 wt. % Al alloy with a
reduction of 11.5% and 40%, respectively. This reduction was due to a combined effect of the Fe-base
matrix with the Al powder, which causes strengthening of the alloy matrix.

Table 1. Brinell hardness number and the radial strength for Fe-based alloys with various Al additions.

Radial Strength MPa Brinell Hardness Number Al Content in Fe-Based Alloys wt. %

380.44 780 0
369.78 751 1
344.67 735 1.5
310.11 722 2
270.23 714 2.5
245.11 705 3
235.14 698 5
230.21 691 7.5
228.43 690 10

The Al phase was dispersed in many pools or lakes, present in the cylindrical crashed Fe-base
alloy samples. The cold pressed Fe–based alloys with the addition of Al were detected to go through
fine crystallization, as presented in the SEM in Figure 5a for Fe–5 wt. % Al and Figure 5b for Fe–10 wt. %
Al alloys. Fine crystal precipitation in the Fe–Al alloys was detected within vein protrusions, on the
surface of compression fracture, and all along the paths of the rough crack propagation; additionally,
within shear bands resulting from bending [33].

Figure 5. SEM micrographs of the rough fracture surface morphology of the CP Fe-based alloys:
(a) Fe–5wt. % Al; and (b) Fe–10 wt. % Al.

The effect of the pressing temperature on the density, relative density, and compressibility factor
of the Fe–5 wt. % Al alloy is shown in Figure 6a. The compact density and porosity are affected by the
pressing temperature, as shown in Figure 6b; in other words, the density increases by increasing the
temperature, which leads to porosity minimization. Higher relative density (RD) was reached for hot
pressing Fe–5 wt. % Al alloy samples to ~95% from the solid density. Compressibility was used to
indicate that the density of the powder had increased by a given pressure. By increasing the pressing
temperature, the compressibility factor of the Fe–5 wt. % Al alloy was increased, as shown in Figure 6b,
where augmented relative density and porosity reduction of the compact were detected. The porosity
has already been presented in the green compacts. The pores formed during the sintering process were
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causing a different type of porosity, due to the formation of transient liquid phase during sintering,
where the liquid phase penetrates into the matrix grain boundaries. Due to satisfactory wetting of the
matrix by the melt, the alloying element particles replaced the pores and the homogenization leads to
an overall expansion of the material during sintering.

The hot pressed compact quality was identified by the correlation with the three process
parameters: time, pressure, and temperature. These variables had a major effect on the microstructure,
physical properties, dimensional accuracy, and surface condition of the product. For the powders
heated to low temperatures, pressure had the same effect as in cold pressing. Particles were brought
closer together and were rotated and deformed, sheared, or fractured. At elevated temperatures, plastic
deformation becomes the dominant mechanism. The liquid phase was formed at the hot pressing
temperature and consolidation was further enhanced, by the isostatic action of the compressive
stresses on the compact inside the dies [26,34,35]. Additionally, diffusion rates were increased through
enhancing the liquid phase and densification, by good wetting between liquid and solid components
of the alloy system.

(a) (b)

Figure 6. (a) The effect of pressing temperature on the compact relative density (RD) and compressibility
factor (Cf); and, (b) the effect of the pressing temperature on the compact density and porosity, for Fe–5
wt. % Al alloys.

3.3. Wear Resitance

Dry sliding wear tests were done using pin-on-disc apparatus for the Fe-based alloys with
aluminum contents of 1, 2, 3, 5 and 10 in wt. % compared to stainless steel. Cylindrical specimens with
30 mm in diameter and height of 50 mm were slid against a rotating steel disc at various sliding speeds
as follow: 0.33, 0.51, and 0.82 m/s. The severities of the harder material surface of the stainless steel
using a pin-on-disc device was a turn over act on the surface of the Fe-based alloys. The applied wear
pressure ranging from 2.2 to 3.56 MPa and duration tests from 15 to 60 min were used. The wear rate
was calculated using mass losses divided by the product of the density and the sliding distance. Mass
loss was measured using a precise digital balance of 170 g capacity with an accuracy of ±0.05 g. Figure 7
shows the effect of wear parameters on the wear rate (WR) for cold and hot pressing Fe-Al alloys using
abrasive wear tester [21,22,36–38], the wear rate (WR) was calculated using the following equation:

WR =
Wl

ρ·Ss·t (8)

where Wl is the weight of the different alloy, ρ is the production density of compact alloy, SS is the
sliding speed, and t is the wear time.

The wear rate of Fe-base alloys with Al powder addition was much lower than the one without
addition of Al element to the iron base matrix, at various wear parameters. The wear rate at higher
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speed was much lower than the one at lower sliding speed as shown in Figure 7b. Comparison of
the wear behavior for the alloys produced, using different powder metallurgy techniques, is shown
in Figure 7a,b. A significant reduction in wear rate was obtained using Fe-Al alloys in comparison
with the Fe–0 wt. % Al alloy. While the addition of Al element powder to the Fe-base matrix causes a
reduction in the wear rate, which increased the wear resistance up to five times compared with the
alloy without Al addition, as shown in Figure 7a,b.

(a) (b)

Figure 7. The effect of wear parameter for Fe-base alloys different PM technique on: (a) wear time;
and (b) sliding speed for Fe–0 wt. % Al (CP), Fe–2 wt. % Al (CP), and Fe–5 wt. % Al (HP at 200 ◦C)
alloys, respectively.

Figure 8 shows the wear behavior of Fe–2 wt. % Al alloy (cold pressing) under different wear
pressures. It is clear that increasing the wear pressure resulted in increasing the materials loss, which
is a regular known behavior for many metals and all alloys, regarding wear reactions. Hardness
plays the predominant role at light wear process, while plasticity has big role at heavy operating
conditions [39]. Heat generated due to the friction at high speed affects the microstructure, reduces
hardness, and causes thermal stresses in the alloy matrix. As a result, a change in the wear mechanism
takes place from abrasive to adhesive wear. Therefore, the worn surface layer is removed and the
friction surface is protected from more wear and motion is facilitated, due to the relatively low value
of shear strength [40,41].

Figure 8. The effect of wear pressure for Fe–2 wt. % Al alloy (CP) on the wear rate.
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The relation between the wear rate and wear time of the Fe–5 wt. % Al alloy pressed at different
pressing temperatures is shown in Figure 9a, while Figure 9b shows the relation between the wear
rate and the sliding speed of the Fe–5 wt. % Al alloy pressed at the same pressing temperatures.
The highest wear rate of hot pressed specimen (300 ◦C) was due to its coarsening structure and the
pressing temperature, which was not enough to precipitate the Fe-Al alloys hard phase around the
grain boundaries. The lower wear rate of hot pressed specimens at 400 or 500 ◦C could be attributed to
its finer grain structure and spheroidization of the pores after the sintering process. In general, there
was a decrease in the wear rate for the hot pressed Fe-Al alloy sampled at 200 ◦C and an increase in the
wear rate with increasing the hot pressing temperature, under the same wear parameters, as presented
in Figure 9a,b. This finding could be attributed to the decrease of the residual porosity by increasing
the pressing temperature.

 
(a) (b)

Figure 9. The effect of wear parameters for Fe–5 wt. % Al alloy at different pressing temperature on:
(a) wear time; and (b) sliding speed.

4. Conclusions

Based on the findings of this study, the following conclusions could be summarized:

1. Under laboratory conditions and without the use of lubricant or binder, it was possible to
produce Fe-Al with Al additives ranging within 1, 2, 3, 5 and 10 in wt. % alloys, using two
powder metallurgy techniques, namely, cold and hot pressed, having comparable theoretical
density and properties of the solid metals. Uniform distribution of dispersed phase inside the
alloy structure was obtained.

2. By augmenting the Al content to 10 wt. % in the base Fe-based matrix, the Brinell hardness
number was reduced from 780 to 690 MPa and the radial strength from 380 to 228 MPa, with
a reduction of 11.5%, and 40%, respectively. The reduction of the compressibility factor of hot
pressed powder alloys was detected with increasing the hot pressing temperature up to 500 ◦C.

3. Improvement of the wear resistance was observed, with augmenting the Al powder to the
Fe matrix up to five times compared with the alloy without Al additions for different wear
parameters: wear time, and sliding speed. This was also detected for the different PM technique.

4. The hot compact of Fe-Al alloys of about 95% theoretical density can be obtained from the metal
powders, by employing a pressure of about 445.6 MPa and temperature of 500 ◦C. These alloys
had higher density, better wear resistance, and homogenous structure than the parts produced by
separate compaction and sintering obtained after elemental powders were added.

109



Metals 2017, 7, 170

Author Contributions: All authors contributed equally in designing and manufacturing of the studied alloys,
conceiving, designing and performing the experiments, collecting and analyzing the data, and finally discussion
association of the results. I would like to also indicate that the corresponding author was responsible for addressing
all reviewers’ remarks and journal correspondence.

Conflicts of Interest: The authors also declare no conflict of interest.

References

1. Caballero, E.S.; Cintas, J.; Cuevas, F.G.; Montes, J.M.; Ternero, F. Influence of Milling Atmosphere on the
Controlled Formation of Ultrafine Dispersoids in Al-Based MMCs. Metals 2016, 6, 224. [CrossRef]

2. Luka, F.; Vilemova, M.; Nevrla, B.; Klecka, J.; Chraska, T. Properties of Mechanically Alloyed W-Ti Materials
with Dual Phase Particle Dispersion. Metals 2017, 7, 3. [CrossRef]

3. Chen, C.L.; Lin, C.H. A Study on the Aging Behavior of Al6061 Composites Reinforced with Y2O3 and TiC.
Metals 2017, 7, 11. [CrossRef]

4. El-Hadek, M.A. Numerical simulation of the inertia friction welding process of dissimilar materials.
Metall. Trans. B 2014, 45, 2346–2356. [CrossRef]

5. Nassef, A.; El-Hadek, M. Mechanics of hot pressed aluminum composites. Int. J. Adv. Manuf. Technol. 2015,
76, 1905–1912. [CrossRef]

6. Nassef, A.; El-Hadek, M. Microstructure and Mechanical Behavior of Hot Pressed Cu-Sn Powder Alloys.
Adv. Mater. Sci. Eng. 2016, 2016, 9796169. [CrossRef]

7. Kim, S.H.; Kim, H.; Kim, N.J. Brittle intermetallic compound makes ultrastrong low-density steel with large
ductility. Nature 2015, 518, 77–79. [CrossRef] [PubMed]

8. Köster, W.; Tonn, W. The Iron Corner of the Iron-Manganese-Aluminium System. Arch. Eisenhuettenwes 1933,
7, 365–366.

9. James, P.J. Precipitation of the Carbide-FEMN-3 ALC IN AN Iron-Aluminium Alloy. J. Iron Steel Inst. 1969,
207, 54–57.

10. Furushima, R.; Katou, K.; Shimojima, K.; Hosokawa, H.; Mikami, M.; Matsumoto, A. Effect of η-phase and
FeAl composition on the mechanical properties of WC–FeAl composites. Intermetallics 2015, 66, 120–126.
[CrossRef]

11. Amaya, M.; Romero, J.M.; Martinez, L.; Pérez, R. Mechanical Properties of Spray-Atomized FeAl40 at. % Al
Alloys. In Materials Characterization; Springer International Publishing: Cham, Switzerland, 2015; Volume 5,
pp. 199–207.

12. Trotter, G.; Baker, I. The effect of aging on the microstructure and mechanical behavior of the alumina-forming
austenitic stainless steel Fe–20Cr–30Ni–2Nb–5Al. Mater. Sci. Eng. A 2015, 627, 270–276. [CrossRef]

13. Zamanzade, M.; Barnoush, A.; Motz, C. A Review on the Properties of Iron Aluminide Intermetallics. Crystals
2016, 6, 10. [CrossRef]

14. Tanaka, Y.; Kainuma, R.; Omori, T.; Ishida, K. Alloy Design for Fe-Ni-Co-Al-based Superelastic Alloys.
Mater. Today Proc. 2015, 2, S485–S492. [CrossRef]

15. Ikeda, O.; Ohnuma, I.; Kainuma, R.; Ishida, K. Phase equilibria and stability of ordered BCC phases in the
Fe-rich portion of the Fe–Al system. Intermetallics 2001, 9, 755–761. [CrossRef]

16. Kim, H.; Suh, D.W.; Kim, N.J. Fe–Al–Mn–C lightweight structural alloys: A review on the microstructures
and mechanical properties. Sci. Technol. Adv. Mater. 2013, 14, 014205. [CrossRef] [PubMed]

17. Frommeyer, G.; Bruex, U. Microstructures and mechanical properties of high-strength Fe-Mn-Al-C
light-weight TRIPLEX steels. Steel Res. Int. 2006, 77, 627–633. [CrossRef]

18. Sutou, Y.; Kamiya, N.; Umino, R.; Ohnuma, I.; Ishida, K. High-strength Fe-20Mn-Al-C-based alloys with low
density. ISIJ Int. 2010, 50, 893–899. [CrossRef]

19. Greer, A.L.; Rutherford, K.L.; Hutchings, I.M. Wear resistance of amorphous alloys and related materials.
Int. Mater. Rev. 2002, 47, 87–112. [CrossRef]

20. Maupin, H.E.; Wilson, R.D.; Hawk, J.A. Wear deformation of ordered Fe-Al intermetallic alloys. Wear 1993,
162, 432–440. [CrossRef]

21. Xu, B.; Zhu, Z.; Ma, S.; Zhang, W.; Liu, W. Sliding wear behavior of Fe–Al and Fe–Al/WC coatings prepared
by high velocity arc spraying. Wear 2004, 257, 1089–1095. [CrossRef]

110



Metals 2017, 7, 170

22. Kim, Y.S.; Kim, Y.H. Sliding wear behavior of Fe 3 Al-based alloys. Mater. Sci. Eng. A 1998, 258, 319–324.
[CrossRef]

23. Chonglin, W. Discussion on radial crushing strength testing. Powder Metall. Technol. 1996, 8, 206–211.
24. Candela, N.; Plaza, R.; Rosso, M.; Velasco, F.; Torralba, J.M. Radial crushing strength and microstructure of

molybdenum alloyed sintered steels. J. Mater. Process. Technol. 2001, 119, 7–13. [CrossRef]
25. Larker, H.T.; Larker, R. Hot isostatic pressing. Mater. Sci. Technol. 1991. [CrossRef]
26. Leuenberger, H.; Rohera, B.D. Fundamentals of powder compression. I. The compactibility and

compressibility of pharmaceutical powders. Pharm. Res. 1986, 3, 12–22. [CrossRef] [PubMed]
27. Hryha, E.; Dudrova, E.; Bengtsson, S. Influence of powder properties on compressibility of prealloyed

atomised powders. Powder Metall. 2008, 51, 340–342. [CrossRef]
28. El-Hadek, M.A.; Kaytbay, S.H. Fracture properties of SPS tungsten copper powder composites.

Metall. Trans. A 2013, 44, 544–551. [CrossRef]
29. Kaytbay, S.; El-Hadek, M. Wear resistance and fracture mechanics of WC–Co composites. Int. J. Mater. Res.

2014, 105, 557–565. [CrossRef]
30. El-Hadek, M.A.; Kassem, M. Failure behavior of Cu–Ti–Zr-based bulk metallic glass alloys. J. Mater. Sci.

2009, 44, 1127–1136. [CrossRef]
31. El-Hadek, M.; Kaytbay, S. Characterization of copper carbon composites manufactured using the electroless

precipitation process. Mater. Manuf. Process. 2013, 28, 1003–1008.
32. El-Katatny, S.M.; Nassef, A.E.; El-Domiaty, A.; El-Garaihy, W.H. Fundamental Analysis of Cold Die

Compaction of Reinforced Aluminum Powder. Int. J. Eng. Tech. Res. 2015, 3, 180–184.
33. Ahari, F. Flexible High Radial Strength Stent. U.S. Patent 6,264,685, 24 July 2001.
34. Chtourou, H.; Guillot, M.; Gakwaya, A. Modeling of the metal powder compaction process using the cap

model. Part I. Experimental material characterization and validation. Int. J. Solids Struct. 2002, 39, 1059–1075.
[CrossRef]

35. Bocchini, G.F. Warm compaction of metal powders: Why it works, why it requires a sophisticated engineering
approach. Powder Metall. 2013, 42, 171–180. [CrossRef]

36. Wang, J.; Xing, J.; Cao, L.; Su, W.; Gao, Y. Dry sliding wear behavior of Fe3Al alloys prepared by mechanical
alloying and plasma activated sintering. Wear 2010, 268, 473–480. [CrossRef]

37. Sharma, G.; Limaye, P.K.; Ramanujan, R.V.; Sundararaman, M.; Prabhu, N. Dry-sliding wear studies of
Fe3Al-ordered intermetallic alloy. Mater. Sci. Eng. A 2004, 386, 408–414. [CrossRef]

38. Dhokey, N.B.; Rane, K.K. Wear behavior and its correlation with mechanical properties of TiB2 reinforced
aluminium-based composites. Adv. Tribol. 2011, 2011, 837469. [CrossRef]

39. Tong, C.J.; Chen, M.R.; Yeh, J.W.; Lin, S.J.; Chen, S.K.; Shun, T.T.; Chang, S.Y. Mechanical performance of
the Al x CoCrCuFeNi high-entropy alloy system with multiprincipal elements. Metall. Trans. A 2005, 36,
1263–1271. [CrossRef]

40. Hsu, C.Y.; Yeh, J.W.; Chen, S.K.; Shun, T.T. Wear resistance and high-temperature compression strength of
Fcc CuCoNiCrAl0. 5Fe alloy with boron addition. Metall. Trans. A 2004, 35, 1465–1469. [CrossRef]

41. Chen, M.R.; Lin, S.J.; Yeh, J.W.; Chuang, M.H.; Chen, S.K.; Huang, Y.S. Effect of vanadium addition on the
microstructure, hardness, and wear resistance of Al0.5CoCrCuFeNi high-entropy alloy. Metall. Trans. A 2006,
37, 1363–1369. [CrossRef]

© 2017 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

111



metals

Article

Mechanical and Corrosion Behavior of Al-Zn-Cr
Family Alloys

Ahmed Nassef 1, Waleed H. El-Garaihy 2,3,* and Medhat El-Hadek 1

1 Department of Production Engineering & Mechanical Design, Faculty of Engineering, Port-Said University,
Port Fouad 42523, Egypt; nassef12@eng.psu.edu.eg (A.N.); melhadek@eng.psu.edu.eg (M.E.-H.)

2 Mechanical Engineering Department, Unaizah College of Engineering, Qassim University, Unaizah 51911,
Saudi Arabia

3 Mechanical Engineering Department, Faculty of Engineering, Suez Canal University, Ismailia 41522, Egypt
* Correspondence: W.Nasr@qu.edu.sa; Tel.: +966-55-110-8490

Academic Editor: Manoj Gupta
Received: 9 February 2017; Accepted: 3 May 2017; Published: 12 May 2017

Abstract: Aluminum base alloys containing chromium (Cr) and zinc (Zn) were produced using
extrusion and powder metallurgy techniques. Cr additions ranged between 5 to 10 wt. %, while Zn
was added in an amount between 0 and 20 wt. %. Heat treatment processes were performed during
powder metallurgy process, at different temperatures, followed by water quenching. Similar alloys
were extruded with an extrusion ratio of 4.6 to get proper densification. Optical microscopy was used
for microstructure investigations of the alloys investigated. The element distribution microstructure
study was carried out using the Energy Dispersive X-ray analysis method. Hardness and tensile
properties of the investigated alloys have been examined. Wear resistance tests were carried out
and the results were compared with these of the Al-based bulk alloys. Results showed that the
aluminum base alloys, containing 10 wt. % Cr and heat treated at 500 ◦C for one hour followed by
water quenching, exhibited the highest wear resistance and better mechanical properties.

Keywords: Al-Zn-Cr alloys; powder metallurgy; strengthening; extrusion; dry sliding wear

1. Introduction

Aluminum chrome matrix composites (ACMC) are used in a wide range of industries
including transportation, electronics, leisure, and others [1–4]. ACMC are usually produced by
mechanical alloying of different kinds of metal powders using compression, at a temperature
near room temperature, which results in nanocrystalline and supersaturated alloy powders at
low temperatures [3]. The large mechanical energies introduced into the powder particles are
nanocrystalline interfaces, amorphous state, and promoted reactions between the metals in solid
state [5–7]. Studies on the trinity Al-Zn-Cr alloys are very limited throughout the literature. Recently,
Kurtuldu et al. have investigated the effect of trace addition on the aging behavior of aluminum
alloys containing Cr; moreover, the effect of Cr addition on Zn diffusions in molten of Al-Zn-Cr
alloys [8,9]. It has been a subject of interest that minor and trace additives have a noticeable effect on
these alloys, as far as structure and tensile properties are concerned [10]. In view of the outstanding
corrosion and oxidation resistance, the strengthening and toughening of these alloys have been of
recent concern [7–11]. Running experiments on the Al-Cr-Zn system at 600 ◦C, eleven three-phase
regions had been identified [12]. Li et al. studied the effect of grain structure on quench sensitivity of
an Al-Zn-Mg-Cu-Cr alloy. The results showed that the decrease of the quenching rate from 960 ◦C/s to
2 ◦C/s revealed a decrease in the hardness after aging, for the homogenized and solution heat treated
alloy with large equiaxed grains. For the extruded and solution heat treated alloy, elongated grains
and subgrains had dominated [13]. The Al-based alloys, with additives of magnesium (Mg) and silicon
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(Si), belong to wrought aluminum alloys which are heat treated. It is worth mentioning that there
is an increase in the mechanical strength of the alloys with the increase of Mg and Si contents to the
solubility limits; on the other hand, the ductility is reduced. Small amounts of Mg, Cr, Zn, Zr or Ti were
added to modify the microstructure to improve the mechanical properties, formability, and corrosion
resistance of the alloy [14–17]. Enhanced wear and corrosion resistance is considered to be one of the
most important attributes of AMC that contain ceramic particles for engineering applications [18].
A progressive degradation of material occurs when two sliding surfaces come in contact; this process
is known as wear. Such interaction between surfaces gives rise to friction. Wang et al. [19] studied the
effect of additives, such as copper (Cu) and silicon carbide (SiC), on Al-based alloys. Aluminum alloy
matrices, with particulates of Al2O3 or SiC reinforcements, possess higher strength and stiffness as
well as, greater wear resistance and improved high properties [20,21]. On the other hand, the effects of
other reinforcement particles such as Cr, Fe, and so on have been studied.

In the present work, the control and optimization of the production processing parameters were
implemented through suitable die design compaction with dense powder metallurgy (PM) parts.
Using a cold pressed powder metallurgical process, the alloys were manufactured with controlled
alloy constitutions using two techniques. The first is based on adopting cold compaction followed by
heat treatment at 500 ◦C. In the second technique, and in order to reduce the grain coarsening resulting
from the heat treatment process, similar cold compacted and heat treated alloys were subjected to
an extrusion process followed by solution heat treatment and quenching in room temperature water.
The influence of adding Zn and various percentages of Cr to aluminum alloys on the density, tensile
behavior, hardness, corrosion, and wear resistance of the Al-based alloys was examined; in addition,
the effect of production methods on those properties was also inspected.

2. Materials and Methods

Materials with desirable characteristics were attained due to the strong ionic interatomic bonding
of Cr and Zn. Powders with purity greater than 99%, with an average particle size less than 50 μm
in diameter and manufactured by CNPC powder (Charlottetown, PE, Canada), were used as the
starting source materials. The aluminum metallic powder was obtained from ALDRICH (Darmstadt,
Germany). Al-based alloys with different compositions were prepared using a mechanical mixer to
achieve the needed composition. Six different compositions were prepared namely, Al-5Cr, Al-7.5Cr,
Al-10Cr, Al-20Zn, Al-20Zn-5Cr, and Al-20Zn-10Cr. Two techniques were implemented to perform
this work. The first uses cold compaction then heat treatment, and the second adopt extrusion
followed by solution heat treatment to reduce the grain coarsening resulted from heat treatment
process. In the first technique, each powder mixture was cold pressed using a compaction pressure
of 425 MPa on the 30 mm diameter billets. The material properties are expected to be diverse since
the melting temperatures of Al is around 660 ◦C, Cr 1900 ◦C and Zn 420 ◦C. The powder density of
Al is 7190 kg/m3, Cr is 2700 kg/m3, and Zn is 7140 kg/m3. A hydraulic testing machine of 40 Tons
capacity was used to perform the compaction of the alloy powder, with constant cross head velocity
of 0.002 m/min. The height of green compact was directly measured before and after die ejection.
The final height is calculated from the load-displacement curve. After unloading, the elastic recovery
of the compacts is neglected [4]. A compacting pressure ranging from 227 to 909 MPa was calculated,
by assuming that the cross-section of the compact is equal to that of the die. The temperature of the
die was measured using NiCr-Ni thermocouple, which is inserted into the die and maintained at the
die cavity. After cold pressing, all of the MMCs alloys were heat–treated at about 500 ◦C to allow
the atoms to diffuse randomly into a uniform solid solution, as liquid phase sintering [4,7]. The tin
melts to form a thin film surrounding the copper particles enhancing the alloying element bonding [7].
All alloys were then heat treated to 500 ◦C for duration of 60 min.

On the other hand, the second technique uses the same alloy powders with different
manufacturing steps. It starts with an extrusion process for alloy powders, with an extrusion ratio
of 4.6 to get proper densification. The behavior of the extruded alloy was consequently studied.
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The extruded bars were subjected to solution treatment temperature of 500 ◦C for 60 min and then
quenched in room temperature water. As the size of the small particle with high curvature increases,
the differences in free energy across the curved surface increases, as discussed in [22,23]. The setup
was heated to the predefined temperature level and maintained constant for 30 min, to guarantee
homogenous distribution within the powder alloy. The forming pressure was then lowered for all
tested hot components. After the compact operation, the samples were covered with aluminum foil and
embedded in a graphite powder to protect their surface from oxygen and nitrogen from atmosphere,
during the sintering process. The specimens were sintered at a steady heating rate of 20 ◦C/min up to
500 ◦C for one hour. The temperature was maintained at that level with a tolerance of ±5 ◦C.

3. Results and Discussion

3.1. Densification Behavior

The relative density densification behaviors of the investigated Al-based alloys as affected by
sintering temperature for different percentage of Cr and Zn are shown in Figure 1. From Figure 1 it
is clear that the relative density increases by increasing the sintering temperature for the aluminum
alloy reinforced with different percentages of Cr and Zn. Three classes of mechanisms contribute to
densification: plastic yielding, low power creep, and various sorts of diffusion. In the absence of an
external pressure, only the diffusion mechanisms exist as sintering is applied. Pore dragging and pore
separation from the pores tend to inhabit the diffusion contribution. In order to take the initial pressed
density into consideration, the compact sinterability was computed in terms of densification parameter
(ΔD) as a proportional function of (sintered − green)/(theoretical − green) densities. The theoretical
density was estimated using theory of mixtures [4,7]. Theoretical solid densities, normalized by after
extrusion density of all produced parts, are shown in Figure 2. Higher relative densities (RD) were
achieved for hot extruding samples to around 99% from the solid density values. Zn particles, having a
distinctive lubricating effect, will enhance to a great extent the packing loss of the powders and retard
the sealing for the individual pores. Consequently, density will decrease with Zn addition. This may
be liquid Zn diffused inside the aluminum matrix and leaves pore inside the matrix. For the Al-based
alloys, Cr particles were observed in the microstructure after heat treatment at 500 ◦C for one hour
followed by water quenching. No difference in the microstructures was observed for these alloys that
are heated treated at 500 ◦C for one hour followed by water quenching, as shown in Figure 3. From
the microstructures of the heat treated samples, Al-5Cr homogeneous structure was observed at a
temperature of 500 ◦C followed by water quenching. It should be noted that, with the decrease of
the aluminum content in the Al-based alloys and the increase of the Cr and Zn content, the density
increases accordingly.
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Figure 1. The effect of the sintering temperature on the relative density for different Al-base alloys.
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3.2. Microstructural Optical Investigations

There is a difficulty in revealing the grain boundaries in aluminum alloys, especially under heat
treatment conditions; therefore, anodizing is required for the lower alloy content grades. Anodizing is
an electrolytic etching procedure, which deposits a film on the specimen surface, revealing the grain
structure when viewed with crossed polarized light. Using either the Keller’s or the Grafet-Sargent
reagent for the more highly alloyed grades would lead to a successful etching.

The microstructure of Al-based alloys, which is subjected to heat treatment temperature of 500 ◦C
for 60 min followed by quenching in water at room temperature, is shown in Figure 3. On the other
hand, the microstructure of Al-based alloys subjected to extrusion, with an extrusion ratio of 4.6 and
solution heat treatment temperature of 500 ◦C for 60 min followed by quenching in water at room
temperature, is shown in Figure 4. The uniform distributions of the Cr and Zn in the homogenous
structures were noticed in alloys with Al-based alloys. In addition, it should be reported that surface
cracks in the Al-based alloys were very limited. From Figure 3 it is clear that the cold compaction
followed by heat treatment technique yielded homogenous microstructure with few pores. In the
other hand, the Cr contents in the Al-Zn-Cr ternary system were investigated in Al-20Zn-5Cr and
Al-20Zn-10Cr extruded alloys. It is noticed in the micrographs of the extruded billet with heat treatment
shown in Figure 4a–f that a fine dispersion of precipitates occurs on the grain surface. In addition,
multi-phases were observed in the microstructure in the as-extruded sample, as shown in Figure 4e,f.
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Figure 4. Cont.
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Figure 4. The microstructure of the different as-extruded (a) Al-5Cr (b)Al-7.5Cr (c) Al-10Cr (d) Al-20Zn
(e) Al-20Zn-5Cr and (f) Al-20Zn-10Cr alloys.

The formation of lots of finely distributed polygonal type of the Cr and Zn particles, in the
interface of liquid solid earlier during solidification, may lead to refinement. The process reduces the
porosity by the formation of necks between powders, to achieve final elimination of the small pores at
the end of the process. It forms new but lower energy solid-solid interfaces with a decrease in the free
energy occurring on sintering, where 1 μm particles decreases with 1 cal/g [4]. On a microscopic scale,
material transfer was affected by the change in the pressure and the differences in free energy across
the curved surface.

It is worth mentioning that the liquid phase was formed at the hot pressing temperature and
consolidation was further enhanced, by the isostatic action of the compressive stresses on the compact
inside the dies [4,7]. Additionally, diffusion rates were increased by the liquid phase; densification was
enhanced by good wetting between liquid and solid components of the alloy system.

3.3. Energy-Dispersive X-ray (EDX) Analysis

The Al-based alloy samples for microscopic examination were prepared using the standard
metallographic procedures and were examined at a magnification of 100× by scanning electron
microscopy (SEM, Jeol, Peabody, MA, USA). Quantitative energy dispersed X-ray (EDX, Jeol, Peabody,
MA, USA) analysis was also performed to analyze the element composition for the different heat
treated samples.

After the fabrication process, a Jeol 5400 SEM unit with a link energy dispersive X-ray spectroscopy
(EDS) detector (Jeol, Peobody, MA, USA) is attached to observe the particle morphology, size, shape,
and agglomeration. The EDX analysis emphasizes this behavior, as shown in Figure 5. The magnified
image attached to Figure 5e,f shows that a white large phase was being embedded in a matrix of
Al-Zn, as seen from EDX analysis region. The small white phases were mainly Zn particles. After the
heat treatment process mentioned above, more homogeneous structure was obtained. The magnified
image attached to Figure 5f shows white and dark areas, and the analysis of these areas was given
as in EDX analysis region. It can be observed that the white area was Cr rich while the dark was
mainly Zn. Figure 3e,f shows micrographs of Al-20Zn-5Cr and Al-20Zn-10Cr alloys, respectively, with
heat treatment for one hour followed by water quenching. The liquid Zn during heating indicates
homogenous structure, as the Cr particles become smaller than before heating. It shows that the
nucleus was enriched with the addition of Cr. The data from EDS spectrum shows that the nature
of nucleus was facilitated, as the foreign particle displays a small lattice mismatch in the al-based
alloys. The results of calculation for some possible crystallographic orientations on the Cr particles
shows that the planar disregistry was low; therefore, Cr can act as the heterogeneous nucleation for
Al-based alloys.
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Figure 5. The EDX analysis at the indicated regions with higher magnification for of the different heat
treated (a) Al-5Cr (b) Al-7.5Cr (c) Al-10Cr (d) Al-20Zn (e) Al-20Zn-5Cr and (f) Al-20Zn-10Cr alloys.

3.4. Mechanical Properties

Tensile specimens were prepared from the heat treated materials and as extruded states. The gauge
length and diameter of the specimens were 30 mm and 6 mm; respectively. Tensile tests were performed
at a cross head speed of 2.0 mm/min, which corresponded to an initial strain rate of 1.1 × 10−3 s−1.
Tensile tests were conducted at room temperature using materials testing system (MTS) testing machine
(model 610), fitted with a 160 kN load cell, operating in the displacement control mode under quasi
static loading. The samples were deformed until crashed. For consistency and homogeneity, three
identical samples were prepared for each test case and exposed to the same loading conditions.
The average test value of all the three samples of the radial crushing strength was reported in Table 1.
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Table 1. Average tensile data of Al-base alloys as extrusion and heat treatment with standard
deviation SD.

Alloy
Composition

As Extruded State Heat Treated State

UTS (σu)
MPa

SD
Fracture

Strain (εf) %
SD

UTS (σu)
MPa

SD
Fracture

strain (εf) %
SD

Al-5Cr 75 0.1 12 1.2 105 1.4 10 1
Al-7.5Cr 70 0.3 10 1 101 1.4 8 0.78
Al-10Cr 65 0.3 8 0.78 96 0.7 6 0.7
Al-20Zn 188 5.8 18 1.7 185 5.7 16 1.5

Al-20Zn-5Cr 95 0.7 14 1.3 160 4.8 12 1.2
Al-20Zn-10Cr 80 1.4 10 1 143 3.4 8 0.78

Table 1 presents the tensile properties of the materials in both cases of the as-extruded and the
heat treated state. For the alloys of Al-Cr without Zn, the ultimate tensile strength and tensile ductility
decreases with increasing Cr amount. Comparing the tensile properties of the materials containing
Zn with the Zn free counterpart, it is noticed that the addition of Zn resulted in improving both
the tensile strength and ductility of Al-20Zn-5Cr and Al-20Zn-10Cr alloys, in the as-extruded state.
Thus, the Zn addition appears to be quite favorable, as far as the mechanical properties are concerned.
The heat treatment applied to the Zn-containing alloys does not improve their tensile ductility. This
was probably related to an improved bonding between the matrix and the Cr as a result of the released
local stresses around the Cr particles induced during extrusion.

Rockwell hardness measurements are performed for different produced materials using digital
Rockwell hardness tester (SUN-TEC, Novi, MI, USA) at 60 kg load (HRA-60). At least five readings
were taken for each case; the averages were recorded to insure consistency and homogeneity
throughout the material surface. It was found for all alloys that the the bright phase, which corresponds
to δ–phase, had Vickers hardness measurements about two times greater than the corresponding matrix,
as presented in Table 2.

Table 2. Rockwell average hardness values Kg/mm2 for the different Al-base alloys after extrusion
and heat treatment with standard deviation SD.

Chemical
Composition

Rockwell Hardness
As Extruded

SD
Rockwell Hardness Heat

Treated at 500 ◦C
SD

Al-5Cr 8.9 0.9 9.0 0.9
Al-7.5Cr 9.5 1 12.5 1.4
Al-10Cr 9.9 1 14.6 1.4
Al-20Zn 10.4 1 27.6 2.3

Al-20Zn-5Cr 17.4 1.6 30.6 2.5
Al-20Zn-10Cr 16.9 1.5 32.1 2.7

The effect of heating temperatures on hardness for both of the as-extruded and heat treated
Al-base alloys were listed in Table 2. The heat treated Al-Zn-Cr alloys demonstrated improvement in
hardness values compared with specimen without heat treatment. The heat treatment of Al-20Zn-10Cr
alloys at 500 ◦C had the highest hardness value of 32.1, which represents an increase in hardness
for more than 90% compared to that of the specimen without heat treatment. On the other hand,
the increase of Cr particles in the Al-base matrix results in an increase of hardness values, as shown
in Table 2.

3.5. Corrosion Rate

Corrosion rate were measured for the Al-based alloys using electrochemical polarization. The tests
were performed in a corrosion cell, which contained 250 mL of 3.5 wt. % NaCl solutions, at room
temperature and scan rate of 0.5 mV/s saturated air. All electrochemical measurements were conducted
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using a potentiostat AUTOLAB PGSTATE 30 (Artisan, Champaign, IL, USA) and analyzed using
Galvanostat M352 software, at room temperature. Platinum gauze was used, as a counter electrode,
and silver/silver chloride was the referenced. The exposed area was 1 cm2 of all the heat treated and
as-extruded Al-based alloys.

An activation-controlled cathodic process occurred in the cathodic branch; the main reaction was
hydrogen evolution during the measurements. As the applied potential increased, an activation
controlled anodic process was observed. The electrochemical parameters, such as polarization
resistance (Rp), were measured. Corrosion current density (Icorr) was measured using the linear
polarization resistance technique and obtained as a function of Rp, with βc as the cathodic and βa anodic
Tafel slopes, as Icorr = β/Rp, where β is a constant value and can be calculated by following equation:

β = βc × βa/2.3 × (βa + βc) (1)

The corrosion rate (CR) expressed in mm per year was obtained from Icorr in air saturated sodium
chloride solution, according to the Equation (2):

CR = 0.13 × Icorr × (eqwt)/ρ (2)

where eqwt is the equivalent weight, ρ is the density in g/cm3, and Icorr is the corrosion current density
determined by the linear polarization method, using the Stern-Geary equation [24]. The corrosion
parameters of Al-based alloys are presented in Table 3 for both of the as-extruded and heat treated
Al-based alloys.

Table 3. The electrochemical corrosion data for both as extruded and heat treated Al-based alloys.

Chemical Composition
As Extruded Heat Treated at 500◦C

CR mm/year SD CR mm/year SD

Al pure 0.031 1 – –
Al-5Cr 0.030 0.9 0.028 0.9

Al-7.5Cr 0.029 0.9 0.027 0.8
Al-10Cr 0.029 0.9 0.026 0.7
Al-20Zn 0.028 0.8 0.024 0.7

Al-20Zn-5Cr 0.026 0.7 0.022 0.6
Al-20Zn-10Cr 0.022 0.6 0.020 0.5

It is noticed that with increase of the Cr and Zn additives in the Al-based alloys, the corrosion
rate decreases. As Al-20Zn-10Cr alloys have corrosion rate of 30% less than pure aluminum, the heat
treated Al-based alloys had an approximate corrosion rate of 7% less than as-extruded Al-based alloys.

3.6. Wear Resistance

The materials were also subjected to pin-on-disk wear tests under an unlubricated condition, in
air and at room temperature. The counter face (the disk) was made of steel with a hardness of RC 32.
Before each test, the disk surface was polished by standard metallographic procedure [4,7,25]. The tests
were made for different lengths of running times up to 20 min under a constant pressure applied with
about 0.127 MPa. Weight loss was calculated using a precise digital analog weight balance (accuracy
of ±0.005 g). Results of the wear resistance for the different Al-based alloys compositions and heat
treatment conditions are plotted in Figures 6–8. Figure 6. It shows that increasing Cr content in the
binary Al-Cr alloys, for the extruded conditions, improved the wear resistance. Heat treatment of
these alloys at 500 ◦C for one hour decreased the weight loss by about 1.5 times.
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The microstructure shown in Figure 3a indicates that heat treatment of the binary Al-Cr alloys
led to a diffusion of aluminum in the Cr particles, resulting in gradual alloying of the Cr particle. It is
possible that some Cr particles were dissolved in Al-based alloys, which resulted in alloy hardening
and; consequently, an increase in the wear resistance. In the ternary alloys of Al-Zn-Cr, the addition
of Zn increases the weight loss for the alloys containing 5 or 10 wt. % Cr, as shown in Figure 7. This
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effect was clearer for the alloys containing 5 wt. % Cr. The weight loss of these alloys was about 2
times higher compared to the 10 wt. % Cr ternary alloys. In the as-extruded condition, the addition of
Zn to the Al-Cr alloys resulted in a higher degree of homogeneity in the microstructure, as shown in
Figure 3e,f; however, Cr is a hard metal and is expected to improve wear resistance.

The wear resistance results for the heat treated Al-20Zn alloys and Al-20Zn alloys, containing 5
and 10 wt. % Cr, was plotted in Figure 8. The wear resistance of the Al-20Zn-Cr alloys were found
to be around 5 to 8 fold greater than the Al-20Zn alloys, after 1.76 km sliding distance. The presence
of 20 wt. % Zn in the Al-Cr alloys during heat treatment enhanced the inter-diffusion process and
formation of homogenous Al-Zn-Cr alloys, as shown in Figure 3e. The Cr particles have almost
disappeared although EDX analysis, in Figure 8c,d, showed two phase alloys with different Cr
contents. As mentioned above, the addition of Cr to the base alloy increased the hardness compared to
the Al-20Zn alloys.

4. Conclusions

Based on the results of the present study, the following conclusions could be reached:

1. Binary Al-Cr alloys from powders, heat-treated at different conditions, could not establish a
homogenous microstructure.

2. The presence of 20 wt. % Zn in the Al-Cr alloys enhanced the interdiffusion and densification
process during heat treatment, due to the formation of a liquid phase leading to a homogenius
microstructure.

3. Both Zn addition and the heat treatment temperature affect the hardness values and the structure
of the Al-base matrix

4. Under tension load, improvement in the strength of Al-Cr alloys was obtained after Zn addition
and the heat-treatment process.

5. The increase of the Cr and Zn additives in the Al-based alloys would result in a decrease in the
corrosion rate. As Al-20Zn-10Cr alloys have corrosion rate of 30% less than pure aluminum,
the heat treated Al-based alloys had an approximate corrosion rate of 7% less than as-extruded
Al-based alloys.

6. The wear resistance of the ternary Al-Zn-Cr heat treated at 500 ◦C for one hour was about 5 times
higher than that of the binary Al-Zn alloys. The alloy of Al-20Zn-5Cr, heat-treated at 500 ◦C
for one hour followed by water quenching, exhibited the highest wear resistance among the
investigated alloys.
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Abstract: Transparent conducting electrode film is highly desirable for application in touch screen
panels (TSPs), flexible and wearable displays, sensors, and actuators. A sputtered film of indium tin
oxide (ITO) shows high transmittance (90%) at low sheet resistance (50 Ω/cm2). However, ITO films
lack mechanical flexibility, especially under bending stress, and have limitation in application to
large-area TSPs (over 15 inches) due to the trade-off in high transmittance and low sheet resistance
properties. One promising solution is to use metal mesh-type transparent conducting film, especially
for touch panel application. In this work, we investigated such inter-related issues as UV imprinting
process to make a trench layer pattern, the synthesis of core-shell-type Ag and Cu@Ag composite
nanoparticles and their paste formulation, the filling of Ag and Cu@Ag mixture nanoparticle paste to
the trench layer, and touch panel fabrication processes.

Keywords: synthesis of core–shell metal nanoparticles; Cu@Ag composite nanoparticle; metal mesh;
screen printing; touch screen panel

1. Introduction

Transparent conducting electrode film is highly desirable for application in touch screen panels,
flexible organic light emitting diode (OLED), and wearable displays, sensors, and actuators [1–5]. Metal
nanoparticles have been used for conducting electrodes by using various fabrication process. One-step
direct nanoimprinting of gold nanoparticles was reported by using hexanethiol self-assembled
monolayer (SAM)-protected gold particles and polydimethylsiloxane (PDMS) mold [6]. Gold
nanoparticles were also imprinted by PDMS mold on the polyimide film, and an organic field effect
transistor device was fabricated [7]. The direct imprinting process using a PDMS mold leaves metal
nanoparticles on top of the film substrate so that it has limited application in transparent touch screen
panel (TSP) fabrication. Silver conductive ink was patterned on the PDMS stretchable substrate by
stencil printing to make organic thin film transistor (OTFT) devices [8]. The OTFT device had excellent
stretchability up to 150%, but the pattern width was 50 μm due to the stencil printing process, thus
limiting the application in TSPs. The direct imprinting and screen printing processes have the merits of
being simple processes operated at ambient condition. However, they result in an embossed pattern on
the film substrate, so they may not withstand such hard mechanical stresses as bending and stretching.

In this work, we synthesized both Ag and cost-effective Cu@Ag nanoparticles for application
to the large size touch screen panels. Indium tin oxide (ITO) has been widely used in transparent
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conducting electrodes (TCEs) to make small TSPs used in smartphones. However, ITO conductors
cannot be used in large TSPs over 15 inches due to the trade-off between high transparency and
low electrical resistance required for the operation of touch screen panels and the requirement
of increasing the thickness of ITO thin films to lower the electrical resistance. Of the transparent
conducting materials such as carbon nanotubes (CNTs), graphene, conducting polymer (PEDOT:
PSS; poly (3,4-ethylenedioxythiophene) polystyrene sulfonate), and metal nanostructures, silver
nanoparticles and silver-coated copper (Cu@Ag) nanoparticles have high potential for application
in large TSPs, including flexible and stretchable versions. This is due to the suitability of the silver
nanoparticle paste to the metal mesh-type transparent conducting electrode. In the metal mesh method,
the transparent electrodes are patterned by using the trench filling process. In this method, a narrow
engraved trench (~2.5 μm) pattern is formed by coating a ultra violet (UV) curing resin on the substrate
film and then pressing with a transparent mold followed by UV exposure and demolding. The gap
between the trenches is over 100 μm, so the visible light transmittance of the metal mesh film is
over 88% while the resistivity of the Ag nanoparticle paste is less than 10 Ω·cm by the percolation
mechanism. Metal mesh TCEs also have the merit of easy hard coating layer formation on top of a
trench pattern layer filled with silver particles compared to the imprinting or screen printing processes
with embossed silver electrode patterns.

2. Materials and Methods

2.1. Ag and Cu@Ag Composite Nanoparticles and Paste

The synthetic process of silver (Ag) nanoparticles is shown in Figure 1. First, butylamine (160 g)
(Sigma-Aldrich, Seoul, Korea) and ethanol (320 g) (Sigma-Aldrich, Seoul, Korea) were mixed at
23–25 ◦C; then, oleic acid (surfactant, 213 g) (Sigma-Aldrich, Seoul, Korea) was added and the
mixture solution was heated to 70 ◦C. After cooling to 55 ◦C, silver acetate (106.8 g) (Sigma-Aldrich,
Seoul, Korea) was added and the temperature was maintained at 40 ◦C, while aqueous hydrazine
(Sigma-Aldrich, Seoul, Korea) and polyvinylpyrrolidone (Sigma-Aldrich, Seoul, Korea) mixture
solution was added at a rate of 4 mL/10 min for 10 min. After 30 min stabilization, the silver
nanoparticles were precipitated and separated by repeated washing with ethanol.

Figure 1. Synthesis of metal nanoparticles.

The Cu@Ag composite nanoparticles were made by electroplating silver onto copper (Cu)
nanoparticles [9]. The process is as follows. First, Cu nanoparticles made by a similar method
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mentioned above for the Ag nanoparticles were washed with HCl aqueous solution and with deionized
water. The washed Cu nanoparticles were dispersed in deionized water with polyacrylate surfactant.
To this solution were added the AgNO3 and NH4OH mixture aqueous solution and reacted with
stirring followed by separation and drying. The resulting Cu@Ag nanoparticles were recovered by
centrifuge and washed with water to remove the capping agent. The Ag and Ag@Cu nanoparticles
were mixed with bisphenil—an epoxy acrylate resin dissolved in the diethylene glycol monoethyl
ether acetate (ECA) (Sigma-Aldrich, Seoul, Korea) solvent with dispersant BYK-9076 obtained from
BYK Additives & Instruments, Wesel, Germany [10]. The resulting Ag/Cu@Ag nanoparticle paste
was further mixed by using a three roll-mill (Exakt, Oklahoma City, OK, USA) followed by degassing
and rolling.

2.2. Metal Mesh Mold and Trench Layer Patterning

The embossed metal mesh mold was fabricated by using photolithographic and electroplating
method. The engraved trench layer pattern was made by first coating a photosensitive UV resin on
the optical grade polyethylene terephthalate (PET) and then pressing with the embossed metal mold
(less than 10 psi) followed by UV exposure (150 mJ) and demolding. The trench screen panel and
engraved pattern of trench layers consisting of sensor and bezel electrodes are shown in Figure 2.
As shown in Figure 2, the width of the narrow sensor electrodes was 1–2.5 μm, and the width of the
bezel electrodes was 20–50 μm. After filling the Ag/Cu@Ag paste into the trench layers of the sensor
and bezel electrodes, the remaining Ag/Cu@Ag pastes on top of the PET film substrate needed to be
wiped out. However, during this process, the Ag/Cu@Ag paste in the engraved area of the trench
layer is also removed by the wiping process. In order to prevent the wiping-out of filled Ag/Cu@Ag
nanoparticle paste from the engraved trench layers, the embossed metal mesh mold was designed
to have many small embossed patterns, especially inside the wide bezel electrode area. This design
of embossed metal mesh mold was found to be very effective in reducing the wiping-out of the
Ag/Cu@Ag paste filled into the engraved trench layer.

Figure 2. Touch sensor panel and scanning electron microscope (SEM) images of engraved (a) bezel
electrodes and (b) sensor electrode patterns made by UV imprinting process with embossed metal mold.

2.3. Filling of Ag/Cu@Ag Nanoparticle Paste and Wiping of Residual Paste

The Ag/Cu@Ag nanoparticle paste was filled into the engraved trench layers consisting of sensor
and bezel electrodes on the PET substrate film by using a doctoring machine made by Mino Co. [11]
(Gifu, Japan), as shown in Figure 3. The formulations of the photosensitive UV resins are shown in
Table 1. Of these UV resins, sample UVT-5-1 was found to give adequate flexibility and demolding
property from the metal mold after UV exposure. After filling Ag/Cu@Ag nanoparticle paste into the
engraved trench layer, the residual paste was wiped off the embossed part of PET film substrate by
a wiping cloth, followed by post-heating of the filled silver paste.
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Figure 3. Filling process of Ag/Cu@Ag nanoparticle paste with doctoring machine.

Table 1. Formulation of photosensitive UV resin for imprinting process to make trench layers.

Sample
UV Oligomer UV Monomer Photoinitiator

F-130 (g) EEEA (g) HDDA (g) PI-TPO 25 wt % in EEEA (g)

UVT-1-1 7.0 1.0 1.8 0.2
UVT-2-1 6.0 2.0 1.8 0.2
UVT-3-1 5.0 3.0 1.8 0.2
UVT-3-2 5.0 3.0 1.8 0.4
UVT-4-1 4.0 4.0 1.8 0.2
UVT-4-2 4.0 4.0 1.8 0.4
UVT-5-1 3.0 5.0 1.8 0.2
UVT-5-2 3.0 5.0 1.8 0.4

F-130 ; Ebecryl 8411 (Allnex, Sydney, Australia), EEEA ; Etoxyetoxy ethyl acrylate(Sigma-Aldrich, Seoul, Korea),
HDDA ; Hexane diol diacrylate (Sigma-Aldrich, Seoul, Korea), PI-TPO (Ciba, Basel, Switzerland).

2.4. Fabrication of Touch Panel by Using Metal Mesh Films

The structure and fabrication process of the touch panel are shown in Figure 4, utilizing the two
transparent metal mesh films made with Ag/Cu@Ag nanoparticle pastes. After lamination of the
cover glass and the top/bottom part of the touch sensor with optically clear adhesive (OCA) films,
the touch panel circuits and controller were bonded to the flexible printed circuit board (f-PCB) using
anisotropic conductive film (ACF).

Figure 4. Structure and fabrication process of touch screen panel. ACF: anisotropic conductive film;
OCA: optically clear adhesive.

3. Results

3.1. Ag Nanoparticle Synthesis and Paste Properties

Scanning electron microscope (SEM) images of the synthesized Ag nanoparticles are shown in
Figure 5. Ag powder in paste (1) exhibited nanoparticles in the 1–25 nm range, which can promote
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sintering at lower temperature. Ag powder in paste (2) exhibited the aggregation of Ag nanoparticles,
and the Ag powder in paste (3) contained large Ag nanoparticles. The three Ag pastes were formulated
with different Ag nanoparticles, and their conductivities were checked after coating and thermal curing
on PET substrate films. Table 2 indicates that the Ag paste in paste (1) cured at 180 ◦C for 20 min
showed high conductivity. This may be due to the partial sintering of Ag nanoparticles in Ag paste (1)
and concurrent high packing density of Ag nanoparticles, thus promoting effective percolation.

Figure 5. Field emission scanning electron microscopy (FE-SEM) images of synthesized Ag nanoparticles
in Ag pastes (1) to (3).

Table 2. Synthetic condition of Ag nanoparticles and the formulation of Ag nanoparticle pastes. ECA:
Diethylene glycol monoethyl ether acetate.

Ag Paste Ag Powder Synthetic
Condition

Ag Powder Binder Polymer Solvent Additive

88 wt % 4 wt % 7 wt % 1 wt %

Ag Paste (1) Acid value: 100 / Injection rate:
10 mL/min (40 min) Ag powder (1) Bisphenol-A

Epoxy acrylate ECA BYK-754

Ag Paste (2) Acid value: 100 / Injection rate:
40 mL/min (10 min) Ag powder (2) Bisphenol-A

Epoxy acrylate ECA BYK-754

Ag Paste (3) Acid value: 50 / Injection rate:
40 mL/min (10 min) Ag powder (3) Bisphenol-A

Epoxy acrylate ECA BYK-754

Ag Paste
Thermal curing condition and conductivity

100 ◦C, 20 min 130 ◦C, 20 min 180 ◦C, 20 min

Ag Paste (1) - 13–18 mΩ 3–4 mΩ
Ag Paste (2) - 11–13 mΩ 4–6 mΩ
Ag Paste (3) - 8–10 mΩ 4–5 mΩ
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3.2. Cu@Ag Composite Nanoparticles and Paste Properties

The Cu@Ag composite nanoparticles were synthesized by electroplating method, as described
in the experimental part with Ag contents of 20, 30, 40 wt %. The Cu@Ag nanoparticle pastes were
formulated with binder polymer content of 4 and 2 wt %, as shown in Table 3. The viscosity of the
Cu@Ag nanoparticle paste with 2 wt % of binder polymers was higher than that of 4 wt % paste, while
the sheet resistance was lower in the case of metal paste with 2 wt % of binder polymers. However,
the conductivity of the Cu@Ag nanoparticle paste was lower than that of the pure Ag nanoparticle
paste in Table 2. Therefore, a new metal paste was made by mixing pure Ag and Cu@Ag nanoparticle
with 30 wt % Ag in the ratio of 8:2, 5:5, and 2:8 by weight. As shown in Table 4, the Ag/Cu@Ag
mixture paste (3) showed low surface resistance for touch panel application along with good filling
property into trench layer pattern.

Table 3. Formulation of Cu@Ag nanoparticle pastes and properties.

Cu@Ag Pastes Cu@Ag Powder

Cu@Ag Paste Formulation (wt %)

Cu@Ag
Powder

Binder Polymer Solvent Additive
Sheet Resistance
(4 Point, Ω/cm2)Bisphenol-A

Epoxy Acrylate
ECA BYK-9076

Cu@Ag paste (1) Cu@Ag (Ag: 20 wt %) 88 4 7 1 500–600
Cu@Ag paste (2) Cu@Ag (Ag: 30 wt %) 88 4 7 1 380–480
Cu@Ag paste (3) Cu@Ag (Ag: 40 wt %) 88 4 7 1 200–300
Cu@Ag paste (4) Cu@Ag (Ag: 20 wt %) 88 2 9 1 450–500
Cu@Ag paste (5) Cu@Ag (Ag: 30 wt %) 88 2 9 1 250–300
Cu@Ag paste (6) Cu@Ag (Ag: 40 wt %) 88 2 9 1 150–200

Table 4. Formulation of Ag and Cu@Ag nanoparticle mixture paste and properties.

Cu@Ag Pastes

Ag and Cu@Ag Paste Mixture Formulation (wt %)

Cu@Ag Powder Ag Powder

Binder Polymer Solvent Additive
Sheet Resistance
(4 Point, Ω/cm2)Bisphenol

Epoxy Acrylate
ECA BYK-9706

Paste (1) Cu@Ag 70.4 wt % Ag 17.6 wt % 2 9 1 55–80
Paste (2) Cu@Ag 44.0 wt % Ag 44.0 wt % 2 9 1 30–45
Paste (3) Cu@Ag 17.6 wt % Ag 70.4 wt % 2 9 1 13–15

3.3. Inlay Filling of Ag and Cu@Ag Mixture Paste and Performance of Touch Screen Panel

The Ag and Cu@Ag mixture paste was filled into the pattered trench layer by using a doctoring
machine made by Mino Co., Gifu, Japan. Figure 6 shows that the mixture paste could be filled 80–90%
by first filling and almost 100% by second filling with the doctoring machine. After optimizing the
metal paste by mixing Ag and Cu@Ag paste at 20:80 wt % ratio and filling process of the mixture
paste into the trench layer, the touch panel module was fabricated and the properties were as follows.
The optical property of the metal mesh transparent film was L*: 0.95 and b*: 0.53, suitable for touch
screen panel application. The uniformity of the width of the trench layer with 1 μm design was found to
be 0.93 ± 0.007, and the sheet resistance of the metal mesh with 1 μm width were 14.57 ± 0.487 Ω/cm2),
with uniformity of 3.26%. The capacitance change before (Cm = 6.68 pF) and after (Cm = 4.85 pF) 10,000
bending cycles at 60 rpm and radius R = 10 mm also met the specification value of 28.37%, which was
within the acceptance range of 30%.
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Figure 6. SEM images of filled Ag/Cu@Ag mixture paste in (a) bezel and (b) sensor parts of metal
meshes touch screen panel.

4. Conclusions

In this work, we investigated such inter-related issues as the synthesis of core-shell-type Ag and
Cu@Ag composite nanoparticles and their paste formulation UV imprinting process to make a trench
layer pattern, filling of Ag and Cu@Ag mixture nanoparticle paste to the trench layer, and touch panel
fabrication processes. After optimizing the metal paste by mixing Ag and Cu@Ag paste at 20:80 wt %
ratio and filling process of the mixture paste into the trench layer, a touch panel module was fabricated
and the properties were as follows. The optical property of the metal mesh transparent film was L*:
0.95 and b*: 0.53. The uniformity of the width of the trench layer with 1 μm design was found to be
0.93 ± 0.007, and the sheet resistance of the metal mesh with 1 μm width were 14.57 ± 0.487 Ω/cm2

with uniformity of 3.26%, suitable for touch screen panel application.
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Abstract: Tungsten fibre nets reinforced tungsten composites (Wf/W) containing four net layers were
fabricated by spark plasma sintering (SPS), hot pressing (HP) and cold rolling after HP (HPCR), with
the weight fraction of fibres being 17.4%, 10.5% and 10.5%, respectively. The relative density of the
HPCRed samples is the highest (99.8%) while that of the HPed composites is the lowest (95.1%).
Optical and scanning electron microscopy and electron back scattering diffraction were exploited to
characterize the microstructure, while tensile and hardness tests were used to evaluate the mechanical
properties of the samples. It was found that partial recrystallization of fibres occurred after the
sintering at 1800 ◦C. The SPSed and HPed Wf/W composites begin to exhibit plastic deformation
at 600 ◦C with tensile strength (TS) of 536 and 425 MPa and total elongation at break (TE) of 11.6%
and 23.0%, respectively, while the HPCRed Wf/W composites exhibit plastic deformation at around
400 ◦C. The TS and TE of the HPCRed Wf/W composites at 400 ◦C are 784 MPa and 8.4%, respectively.
The enhanced mechanical performance of the Wf/W composites over the pure tungsten can be
attributed to the necking, cracking, and debonding of the tungsten fibres.

Keywords: tungsten composites; tungsten-fibre-net reinforcement; powder metallurgy; tensile strength

1. Introduction

Tungsten (W) with a high melting temperature, high erosion resistance, excellent thermal
conductivity and low tritium retention has been applied in the manufacturing and electronic industries,
lighting engineering, medical, aerospace and military fields, and more recently in the nuclear fields
served as the plasma-facing materials [1–3]. However the inherent low-temperature brittleness and
recrystallization or irradiation induced embrittlement of tungsten severely limit its application in the
extreme conditions of simultaneous high temperature and high flux neutron irradiation [4–6]. So it is
important to decrease the embrittlement of tungsten materials.

Two ways are usually employed to enhance the toughness of tungsten: one is by particle
dispersion strengthening, and the other is via fibre reinforcement. Different from the dispersion
strengthening by adding oxides like La2O3 [7] and Y2O3 [8] or carbides like TiC [9] and ZrC [10]
particles, the fibre strengthening by adding fibres such as carbon fibres [11], SiC fibres [12,13], short
fibres of tantalum [14] and tungsten fibres [15] is considered to be an effective approach to improve the
toughness via micro-cracking, twinning, bridging, debonding and pullout or a mixture of them [15].
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Among the different fibres, tungsten fibres possess high strength, fine ductility, high recrystallization
temperature (>1800 ◦C) and plastic rupture [16], which could contribute substantially to the toughness
of tungsten matrix. Riesch and Du et al. carried out extensive studies on small-size fabrication
of tungsten fibre reinforced tungsten composites by chemical vapor infiltration or chemical vapor
deposition [17–21]. Three-point bending and fibre pullout tests of the samples indicated that tungsten
fibres could enhance the toughness of tungsten or tungsten alloy. However, on the economic aspect
for low utilization rate of raw materials and harsh reaction conditions, chemical deposition method
seems unfavorable. Composites of Wf/W have been prepared by powder metallurgical method, but
the density of the materials needs to be improved [22,23] and other preparation methods need to
be exploited.

In our previous work [16,24], the spark plasma sintering (SPS) method was exploited to prepare
tungsten-fibre reinforced tungsten composites (Wf/W), and compact composites were obtained
because of the unique features of SPS (large pulsed DC current provides fast heating/cooling rate and
short consolidation time, which helps obtain high density and fine grains). However, the non-uniform
temperature distribution limits the large-scale production of Wf/W composites. Except for SPS, the
hot pressing (HP) method is also used to consolidate composite materials, and is able to provide more
uniform heat distribution and enables preparation of large-size samples. In addition, cold rolling is a
promising method to enhance material properties due to the porosity reduction and texture evolution
in the rolling process [25], thus the cold rolling after HP (HPCR) may further improve the performance
of the composites. In this work, different preparation methods based on SPS, HP and HPCR were
exploited to prepare tungsten-fibre-net reinforced Wf/W samples. The influences of preparation
method on the microstructure, Vickers hardness and tensile properties of the Wf/W composites were
comparatively investigated.

2. Experimental Section

2.1. Preparation and Characterization

Commercial K-doped tungsten fibres with diameter of 150 μm were purchased from Honglu
Molybdenum Company, Xiamen, China. The chemical composition of the fibres is given in our
previous work [16,24]. The theoretical density of the W fibres can be considered as 19.3 g/cm3, as same
as the value of pure tungsten. Long tungsten fibres were woven into a net-like shape using a braider, as
presented in Figure 1. The fibres along the YO direction act as supporting effect of the nets, while the
fibres along the XO direction (which is also the tensile and rolling direction) will play the major role in
improving the toughness. The diameter of the nets is about 20 mm for SPS as shown in Figure 1a and
about 60 mm for HP and HPCR as shown in Figure 1b. The enlarged picture at the part I in Figure 1b
is shown in Figure 1I for clarity. In this work, each sample contained four tungsten-fibre-net layers
according to the optimization of fibre contents in our earlier work [24].

Figure 1. Photograph of a tungsten fibre net for SPSed samples (a), HPed and HPCRed samples (b),
and the enlarged picture at the part I in b (I).
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Pure tungsten powders (purity > 99.9%, average particle size 600 nm) were ball-milled for 4 h in a
planetary ball mill in argon atmosphere to increase the activity with a powder-to-ball weight ratio of
1:8 and rotation speed of 240 rpm. During ball milling, tungsten carbide balls and mortars were used
to minimize the possible contamination by impurities. Tungsten fibre nets were buried in the tungsten
powders. To keep a roughly equal distance between the net layers (about 750 μm), equal amount of
W powder was put into the space between the neighboring net layers. The fibre mass fraction in the
composite was calculated just by weighting the fibres and matrix powders respectively before mixing.

The samples with the diameter of 20 mm were sintered by spark plasma sintering (SPS, FCT
systeme GmbH, Rauenstein, Germany) according to the procedure as described in [26], which is
shown in Figure 2a again for clarity, where the temperature was 1800 ◦C and the pressure was 47
MPa. The samples with the diameter of 60 mm were sintered in a hot-pressing vacuum furnace (HP,
Shanghai Chen Xin Electric Furnace Co., Ltd., CXZT-60-23Y, Shanghai, China) with a heating or cooling
rate of about 10 ◦C/min. The detailed temperature and pressure profile of the HP sintering program
were illustrated in Figure 2b: (i) heated from room temperature to 700 ◦C and held for 60 min; (ii)
heated to 1300 ◦C and held for 180 min; (iii) heated to the sintering temperature 1800 ◦C and held for
90 min; and (iv) cooled down to room temperature (RT). At the same time, the pressure in the graphite
die was increased linearly to 56 MPa with a changing rate of about 0.28 MPa/min, held for 300 min and
then decreased to zero. After that, The HPed samples were preheated in a high temperature furnace
(KSL-1100X, Hefei Kejing Materials Technology Co., Ltd., Hefei, China) at 1100 ◦C for 5 min, and
then rolled by a rolling machine (Wuxi Guancheng Machinery Co., Ltd., Wuxi, China) with the roller
radius of 100 mm, the roller length of 200 mm and the rotating speed of 500 r/min [27]. The samples
were also preheated between the successive rolling. The HPed plates were rolled three times with
a total thickness reduction of 38%. Hereafter, the cold rolled HPed samples were abbreviated as
HPCRed ones.

Figure 2. Temperature and pressure profile of SPS and HP procedure: (a) SPS and (b) HP.

2.2. Testing Procedure

The density of samples was determined by Archimedes principle. The sintered samples and
the inlaid original wire were polished and then chemically etched with a 10% aqueous solution of
K3Fe(CN)6 and NaOH. The distribution of the tungsten fibres in the composites was investigated
by optical microscopy (ZEIZZ-Axio Scope.Al, Carl Zeiss AG, Oberkochen, Germany). The Vickers
micro-hardness of the sample was tested by the Vickers Indenter (HV-1000 A, Laizhou ITC Test
Instrument Co., Ltd, Laizhou, China) at room temperature with a load of 200 g and a dwell time of 10 s.
The hardness of matrix was tested along the direction either perpendicular or parallel to the pressing
direction, either close to or away from the fibre. Each sample was indented for 8 times in different
locations and the average value was adopted.

134



Metals 2017, 7, 249

In order to obtain information about the grain size, aspect ratio of grains, angles of grain boundary
and anisotropy or isotropy of fibre and matrix in samples, the Electron Back Scattering Diffraction
(EBSD) measurements were carried out. The samples for EBSD were mechanically polished and then
electro polished by NaOH (2%) aqueous solution. The EBSD data was collected and analyzed using
the software of HKL Tango (Version-2010, Oxford Instruments, Oxford, UK) with the resolution rate of
80–90% and a step from 0.25 to 0.4 μm depending on the grain size, and the raw data was presented.
Microstructure of the samples and the fracture surfaces of the tensile tested samples were characterized
with a field-emission scanning electron microscope (FESEM Sirion 200, FEI, Hillsboro, OR, USA).

The dog-bone-shaped tensile samples were cut along the XO direction with a working length
of 5 mm as in [9] and a cross-section of 1.4 × 1.5, 1.4 × 2.2, 1.4 × 1.8 mm2 for the SPS, HP, and
HPCR samples, respectively. Tensile experiments were carried out at various temperatures using an
Instron-5967 machine (Instron Corporation, Boston, MA, USA) with a constant displacement rate of
0.06 mm/min. In this work, the loading direction is parallel to the XO direction due to high mechanical
performance [28], the number of tested samples was three to five.

3. Results and Discussion

3.1. Density and Vickers Hardness

The mass fraction of W fibres, relative density and Vickers hardness of the Wf/W composites are
listed in Table 1. The estimated mass fraction of fibres in SPSed, HPed and HPCRed samples is 17.4%,
10.5% and 10.5%, respectively. As listed in Table 1, the relative densities of the SPSed (97.5%) and
HPed composites (95.1%) are a little lower than that of the HPCRed samples (99.8%), which is close to
100% of pure dense tungsten. The overall average hardness of fibres in composites is approximately
537 ± 7 HV0.2 for all three kinds of samples, which is about 100 HV0.2 smaller than that of the original
tungsten fibre (623.6 ± 11 HV0.2) due to the grain growth of fibre in the sintering process [29], and
more details will be analyzed in the following sections. Indicated by the lower density, the hardness of
the matrix in the HPed samples (331.3 ± 8 HV0.2) is lower than that of the SPSed (431.3 ± 8 HV0.2) and
HPCRed samples (488.2 ± 810 HV0.2).

Table 1. Density, Mass fraction of fibres and Vickers micro-hardness of the fibre and matrix in the
SPSed, HPed and HPCRed samples.

Different Samples Mass Fraction of Fibre Relative Density (%)
Vickers Hardness/HV0.2

Fibre Matrix

Original fibre 100% 100% 623.6 ± 11 -
SPSed 17.4 ± 0.1% 97.5 ± 0.3% 537.4 ± 9 431.3 ± 8
HPed 10.5 ± 0.1% 95.1 ± 0.2% 538.5 ± 7 331.9 ± 6

HPCRed 10.5 ± 0.1% 99.8 ± 0.1% 536.4 ± 5 476.4 ± 2

3.2. Distribution of Fibres

To investigate the distribution of the tungsten-fibre-nets in the SPSed, HPed and HPCRed samples,
cross-sectional optical micrographs of the samples with a low magnification are shown in Figure 3.
Due to different grain size and grain orientation, the fibres and matrix show different corrosion extent
by the etching solution. All the darker areas indicate the tungsten fibres, where the wave strips are the
fibres in YO orientation while the round circles represent fibres in XO orientation. From Figure 3a it
can be seen that the fibres distribute neatly in the net layer of the SPSed samples, and the net layers are
separated one by one with a nearly equal distance. In the HPed samples (Figure 3b), the fibre layers
are also evenly and regularly aligned. After cold rolling, the HPCRed samples are much thinner so
that a slight variation in the fibre distribution and orientations can be obtained from the tomographic
visualization as shown in Figure 3c. Before the rolling phase of preparation, the fibres have a circular
shape with an interlayer spacing of about 560 μm. After rolling, the fibres present elliptical shape with
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an interlayer spacing of about 350 μm. The 38% reduction in spacing is consistent with the thickness
reduction of the whole sample.

Figure 3. Optical micrographs of the Wf/W composites: (a) SPSed, (b) HPed, and (c) HPCRed.

The SEM images are presented in Figure 4 for (a) SPSed, (b) HPed and (c) HPCRed samples
fractured at RT. It can be seen that there is no debonding seen in any of the samples between the
tungsten fibre and the matrix. In addition, the cross section of fibre in the SPSed and HPed samples is
almost circular, while that in the HPCRed samples is elliptical with an aspect ratio of about 5:2 owing
to the rolling.

Figure 4. The Scanning Electron Microscope (SEM) images of the Wf/W composites: (a) SPSed, (b)
HPed, and (c) HPCRed.

3.3. Microstructure of the Original and Sintered Fibres

Figure 5a shows the EBSD results of the original and sintered W fibres, where the black lines
mean the high-angle grain boundaries (θ > 10◦) while the gray lines mean the low-angle grain
boundaries (θ < 10◦). Figure 5(a1) shows the EBSD results of the original W fibres. The ZO direction
is perpendicular to the XO and YO directions. The texture of the original tungsten fibre is <101>
as shown in Figure 5(a2). Figure 5(a1) also indicates that the grains of the original tungsten fibre
are tens of microns long in the XO direction and several microns wide in the YO and ZO directions,
corresponding to a length/width aspect ratio of about 5.2:1 (as shown in Figure 5(a3)). It is interesting
to note that the elongated mother-grains (θ > 10◦) are composed of fine equiaxed sub-grains (θ < 10◦)
with the grain size less than 1 μm. In addition, the ratio of small angle grain boundaries in the original
fibres is as high as 60%.
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Figure 5. The Electron Backscattered Diffraction (EBSD) images of a fibre in original W fibres-a,
SPSed-b, HPed-c, HPCRed-d samples: (1) grain boundary and Euler angle map, (2) the inverse pole
figures, (3) length-to-diameter ratio, and (4) grain boundary misorientation map.

It is well known that the mechanical properties are determined by the microstructure of materials,
so it is necessary to investigate the microstructure of a fibre and matrix in the sintered samples.
The microstructure of fibres in the SPSed, HPed and HPCRed samples is clearly demonstrated by the
EBSD results as shown in Figure 5b–d, respectively. According to the deformation texture analysis, the
grain width at the edge of the fibre in SPSed samples is a little larger than that in the central, as shown
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in Figure 5(b1). However, the texture of fibre in SPSed samples is <101>, which is consistent with the
original fibre, as shown in Figure 5(b2). On the other hand, the average aspect ratio of grains with
misorientation angles θ > 10◦ is about 3.7:1 (Figure 5(b3)). From the grain boundary misorientation
map shown in Figure 5(b4), it can be noted that the percentage of grains with misorientation angle
<10◦ decreases from the value of 60% in the original fibre to 31.5%. The elimination of some small
angle grain boundaries indicates that partial recrystallization occurred in the SPS sintering process.
For the HPed samples the texture of fibre is also <101>, as shown in Figure 5(c1,c3). However, the
average aspect ratio of grains with misorientation angles θ >10◦ is about 3.2:1, as shown in Figure 5(c3),
which is a little smaller than that in the SPSed samples. The percentage of grains with misorientation
angles θ < 10◦ decreases to 26.8%, indicating that partial recrystallization occurred in the HP sintering
process more severely than in the SPS process. For the HPCRed samples, however, the texture density
of fibres in the XO direction decreases, and the orientation disperses along <111> in both the YO
and ZO directions as shown in Figure 5(d1,d2). According to Figure 5(d3), the grains become longer
and the average aspect ratio is about 5.8:1. Furthermore, the proportion of grains with θ < 10◦ is
increased to 31.6% (Figure 5(d4)). All the variation of the grains in the fibres could be attributed to the
rolling process.

As well known, high temperature annealing can result in reduction of dislocation density and
elimination of some low-angle grain boundaries [30]. Therefore, during the high temperature sintering,
stress in the grain of fibre is gradually released and the number of small angle grain boundaries
decreases due to grain growth and coalesce. As a result, the percentage of grains with misorientation
angle <10◦ decreases from the value of 60% in the original fibre to 31.5% in SPSed and 26.8% in the
HPed samples. However the grains are still filiform and the texture of fibre in both SPSed and HPed
samples is almost same. On the other hand, the cold rolling exhibits the opposite effect to sintering,
and after rolling the percentage of grains with misorientation angle <10◦ increases from 26.8% in the
HPed samples to 31.6% in the HPCRed samples. Meanwhile, pressure exerted in the ZO direction
could result in grain elongation along the XO direction when sintering. This is why the average
length-to-diameter ratio of the grain increased from 5.2:1 in the original fibres to 3.7:1, 3.2:1, and 5.8:1
in the fibres of the SPSed, HPed, and HPCRed samples, respectively.

3.4. Grains of Matrix

In order to research the influence of tungsten fibres on the size and misorientation angle of grains
in matrix, the EBSD results of the matrix area near and far away from the tungsten fibres in the SPSed,
HPed and HPCRed samples were studied. Figure 6 shows the EBSD results of the tungsten matrix near
and far away from a fibre in the SPSed samples. There is no preferred orientation of tungsten grains as
shown in the grain boundary—inverse pole figure map (Figure 6(a1)). The average size of grains with
misorientation angles θ > 10◦ is 4.3 μm which is calculated from the distribution range from about 2
to 10 μm (as shown in Figure 6(a2)), while the grains with small misorientation angle (θ < 10◦) take
a very small proportion (6.8%). As a contrast, Figure 6(b1) shows the EBSD results of the W matrix
far away from the fibre in the SPSed samples. There is also no preferred orientation of tungsten grain.
However, the average size of grains with misorientation angles θ > 10◦ and the percentage of grains
with a small misorientation angle (θ < 10◦) decreases to 3.6 μm and 4.2%, respectively.

For the HPed samples, the EBSD results of W matrix near and far away from tungsten fibre were
shown in Figure 7. Comparing Figure 7(a1) with Figure 7(b1), there is no obvious texture, but the grain
size is much different. The average size of grains with large misorientation angle (θ > 10◦) is 8.1 μm
near the tungsten fibre and 11.4 μm far away from the fibre. In addition, the percentage of grains with
small misorientation angle (θ < 10◦) near and far away from tungsten fibre in the HPed samples is
7.8% and 12.0%, respectively.
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Figure 6. EBSD images of tungsten matrix near the fibre-a, far away from the fibre-b in SPSed samples:
(1) grain boundary and IPF map (inset), (2) grain size, and (3) grain boundary misorientation map.

 

Figure 7. EBSD images of tungsten matrix near the fibre-a, far away from the fibre-b in HPed samples:
(1) grain boundary and IPF map (inset), (2) grain size, and (3) grain boundary misorientation map.

Figure 8 shows the EBSD results of tungsten matrix near and far away from tungsten fibre in
the HPCRed samples, which is indicated by white (high-angle grain boundaries) and black lines
(low-angle grain boundaries). Intuitively, tungsten grains in the matrix are elongated along the rolling
direction in the HPCRed samples and the average grain length/width ratio is about 2.6:1 near the
fibre (see Figure 8(a2)) and 2.1:1 away from the fibre (see Figure 8(b2)). There is also a large number of
small angle grain boundaries and the proportion of grains with small misorientation angles (θ < 10◦) is
about 72.7% near the fibre (see Figure 8(a3)) and 78.3% away from the fibre (see Figure 8(b3)).

To sum up, the EBSD results of all samples were shown in Table 2. It can be seen that the W
fibres embedded in the W matrix have great influence on the microstructure of the tungsten matrix
during different sample preparation. In the SPS sintering process, because of the non-uniform current
distribution and the higher density of fibre than matrix, the temperature is higher in and near the
fibre, which can lead to grain growth in the fibre as shown in Figure 6(a1), and result in the lower
proportion of small angle grain boundaries (θ < 10◦) and the larger grain size near the fibre. However,
the exposure time to high temperature is not long enough to make the grains change from the strip-like
to the equiaxed in tungsten fibres. In the HP sintering process, although the temperature is more
uniform, the long exposure time to high temperature can result in a lower percentage of small angle
grain boundaries in the fibre and the larger grain size in the matrix owing to the recrystallization.
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In the HPCRed samples the plenty of small angle boundaries in the matrix both near and far away
from the fibre and the small grain size of W matrix can be attributed to the severe plastic deformation
and dynamic recrystallization during rolling, as in the cold rolled pure W samples [31].

Figure 8. EBSD images of tungsten matrix near the fibre-a, far away from the fibre-b in HPCRed
samples: (1) grain boundary and IPF map, (2) length-diameter ratio, and (3) grain boundary
misorientation map.

Table 2. Small angle grain boundaries (θ < 10◦) and grain size of the original fibre, the fibre and matrix
in SPSed, HPed and HPCRed samples.

Fibre

The Share of Small Angle Grain Boundaries θ < 10◦/% Average Length-Diameter Ratio

60.1 ± 0.2 5.2 ± 0.1

Fibre Near the Fibre Away from the Fibre Fibre Near the Fibre Away from the Fibre

SPSed 31.5 ± 0.1 6.8 ± 0.2 4.2 ± 0.1 3.7 ± 0.1 4.3 ± 0.3 μm (grain size) 3.6 ± 0.2 μm (grain size)
HPed 26.8 ± 0.2 7.8 ± 0.1 12.0 ± 0.2 3.2 ± 0.1 8.1 ± 0.2 μm (grain size) 11.4 ± 0.2 μm (grain size)

HPCRed 31.6 ± 0.3 72.7 ± 0.3 78.3 ± 0.2 5.8 ± 0.2 2.6 ± 0.1 2.1 ± 0.2

3.5. Tensile Properties and Fracture Microstructure

Tensile tests were performed at different temperatures for the SPSed, HPed and HPCRed samples,
and the curves of engineering stress versus strain were shown in Figure 9. From such curves the
average tensile strength (TS) and total elongation at break (TE) at different temperatures can be obtained.
For the SPSed and HPed samples, there is almost no plastic deformation at 500 ◦C. When tested at
600 ◦C, the TS values of SPSed and HPed samples are 536 and 425 MPa, which are higher than that of
pure tungsten [32], while the TE values are 11.6% and 23.0%, respectively. Because the recrystallization
occurred in the HP sintering process is more severe than in the SPS process as shown in Figures 6
and 7, the smaller grain size in the matrix can enhance the TS at comparative temperature, and the
SPSed samples with the smaller grain size exhibit higher TS. As for the HPCRed samples, it exhibits
almost no plastic deformation at 300 ◦C, but the TS at 300 ◦C is as high as 816 MPa. When tested at
400 ◦C, the HPCRed samples undergo observable plastic deformation with a TE of 8.4% and a TS of
784 MPa. At 500 ◦C, the TE further increase up to 17.5% and the TS reduces to 750 MPa. The fracture
energy of the HPCRed samples is obviously larger than that of the SPSed and HPed samples, because
the proportion of small angle grain boundaries is higher than others in both the fibres and matrix.
The mechanical properties of the composites were studied preliminary, and other methods will be
used to improve that.
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Figure 9. Tensile behavior of the Wf/W composites prepared with different methods between 300 ◦C
and 600 ◦C.

The ductile fracture surfaces of the SPSed, HPed and HPCRed tensile tested specimens were
shown in Figure 10. The SPSed (Figure 10a) and HPed samples (Figure 10b) show fibre cracking and
necking at 600 ◦C, which can be seen more clearly from the insets. In the HPCRed samples, fibre crack
can be identified in Figure 10(c2) at 400 ◦C and Figure 10(d2) at 500 ◦C, whereas the matrix shows
intergranular fracture behavior in both cases. This suggests that the enhanced tensile strength of the
HPCRed samples over the SPSed and HPed samples can be mainly attributed to the elongated grains.
However, a necking behavior instead of a plastic plateau after reaching the ultimate stress makes the
HPCR method a bit defective, and whether a modified HPCR method is satisfied to obtain compact
and tough Wf/W composites needs more research.

 

Figure 10. SEM micrographs of fracture surface in Wf/W composites tensile-tested at different
temperatures: (a) SPS-600 ◦C, (b) HP-600 ◦C, (c) HPCR-400 ◦C, and (d) HPCR-500 ◦C. The insets
on the top right corner of (a,b) are the enlarged views over a single fibre.

4. Conclusions

Tungsten-fibre-net-reinforced tungsten composites (Wf/W) containing four layers of nets with
enhanced fracture energy were synthesized by three different methods including spark plasma
sintering (SPS), hot pressing (HP), and cold rolling after hot pressing (HPCR). The total thickness of
the SPSed, HPed and HPCRed samples were 2.18, 3.52 and 2.08 mm, respectively, with corresponding
fibre mass fraction of 17.4%, 10.5% and 10.5%, respectively. The microstructure, tensile property and
fibre texture of these samples were investigated. The main results derived from such investigations
can be concluded as follows:

The relative density of all samples was above 95.10%, while the highest relative density of 99.80%
is reached in the HPCRed samples. The hardness of the sintered fibres in all samples is around
537 HV0.2 which is smaller than the value of the original fibres (about 624 HV0.2). The proportion of
grains with low misorientation angles <10◦ decreased from the value of 60% in the original fibre to
27–32%. However, the texture of fibres is not significantly affected by the high temperature (1800 ◦C)
sintering, which is <101> in fibre direction. These results indicate that partial recrystallization of fibres
occurred at the 1800 ◦C sintering processes. To avoid such partial recrystallization of fibres lower
sintering temperature should be adopted.
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The SPSed and HPed Wf/W composites begin to exhibit ductile behavior at 600 ◦C. The tensile
strength of the SPSed and HPed samples at 600 ◦C is 536 and 425 MPa, and the total elongation at
break is 11.6% and 23.0%, respectively. The HPCRed Wf/W composites however, begin to exhibit
plastic deformation at 400 ◦C, and the TS and TE are 784 MPa and 8.4%, respectively. The enhanced
mechanical performance of the Wf/W composites can be attributed to the necking, cracking, and
debonding of fibres.
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Abstract: The main challenge in the production of metal matrix composites reinforced by carbon
nanotubes (CNTs) is the development of a manufacturing process ensuring the dispersion of
nanoparticles without damaging them, and the formation of a strong bond with the metallic matrix
to achieve an effective load transfer, so that the maximum reinforcement effect of CNTs will be
accomplished. This research focuses on the production by powder metallurgy of aluminum and
nickel matrix composites reinforced by CNTs, using ultrasonication as the dispersion and mixture
process. Microstructural characterization of nanocomposites was performed by optical microscopy
(OM), scanning and transmission electron microscopy (SEM and TEM), electron backscattered
diffraction (EBSD) and high-resolution transmission electron microscopy (HRTEM). Microstructural
characterization revealed that the use of ultrasonication as the dispersion and mixture process in the
production of Al/CNT and Ni/CNT nanocomposites promoted the dispersion and embedding of
individual CNT in the metallic matrices. CNT clusters at grain boundary junctions were also observed.
The strengthening effect of the CNTs is shown by the increase in hardness for all nanocomposites.
The highest hardness values were observed for Al/CNT and Ni/CNT nanocomposites, with a
1.00 vol % CNTs.

Keywords: metal matrix composites; nickel; aluminum; carbon nanotubes; powder metallurgy;
ultrasonication; microstructural characterization

1. Introduction

Metal matrix composites demonstrate a range of fascinating properties, especially high mechanical
ones, including high strength and stiffness, a desirable coefficient of thermal expansion and good
damping properties [1,2]. Several investigations have been conducted into the development of metal
matrix composites with different types of nanometric reinforcing materials. Ceramic nanoparticles,
carbon nanotubes (CNTs) and graphene have been reported as the most promising reinforcements [3–5].

Among these, the CNTs stand out for their extraordinary properties, making them highly
attractive for use as reinforcements. CNTs have been used to reinforce several metallic matrices,
such as aluminum [6,7], nickel [8,9], copper [10,11], titanium [12] and magnesium [13,14], due to their
extraordinary mechanical properties and excellent electrical conductivity [15,16].

The successful development of a production process that promotes a uniform and dense dispersion
of CNTs in the matrix, without damaging them, is essential for obtaining the expected strengthening
of nanocomposites. An effective load transfer from the metallic matrices to the CNTs is the key
for the successful production of these nanocomposites. Several techniques have been suggested as
adequate for this: conventional sintering [12,17], hot pressing [18,19], hot extrusion [20,21], thermal
spraying [22,23] and electrodeposition [24,25], which appear to be the most promising. The possibility
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of producing these nanocomposites by powder metallurgy routes is quite interesting, since it allows
the production of dense, near net shape components with complex geometries. However, the sintering
temperatures for some of these matrices, such as nickel, copper and titanium, can induce high CNT
damage and thus compromise the mechanical properties.

Several methods have been reported to obtain a uniform dispersion of CNTs through the matrix,
with the mechanical ones, such as ball milling or sonication, being the most common [26–31]. In the
ball milling method, a large amount of energy is involved, since the dispersion is achieved by collisions
of dense and rigid balls with the CNTs. Due to this high-energy milling, CNTs suffer damage, which
causes a degradation of their properties. However, this method performed with lower energy and
shorter times can be used with the aim of reducing the length of the nanotubes [26]. The ultrasonication
method involves the dispersion of the CNTs in a liquid, using ultrasound energy. It is a very efficient
method for obtaining untangled CNTs dispersed in liquids, such as ethanol, isopropanol, ethylene
glycol or acids [27]. The efficiency of this dispersion technique depends on the liquid, ultrasound
energy, time and type of CNTs; the time required for dispersion is a crucial factor, since a considerable
length of time leads to CNT damage [29,30].

In previous studies [29–31], ultrasonication was used to disperse and mix the metallic powders
with CNTs, which is an effective dispersion/mixing process causing only a small amount of damage
to the CNT structure. However, the studies on dispersion methods already published focus on a
specific matrix, and it is difficult to generalize to matrices with a different composition or particle
size. In this context, the main aim of this research is to extend the dispersion/mixture process already
used on the Al/CNT nanocomposites to nickel matrix nanocomposites. Nickel is a high sintering
temperature metal with mechanical strength higher than aluminum, which will allow testing the effect
of the manufacture conditions on CNTs’ damage. Also, nickel does not form carbides by reacting with
CNT as it was observed in Al/CNT nanocomposites.

For the evaluation of the effects of this process on the production of the nanocomposites,
it is essential to understand the relationship between the microstructure and the mechanical
properties. Microstructural characterization was performed by optical microscopy (OM), scanning and
transmission electron microscopies (SEM and TEM), electron backscattered diffraction (EBSD) and
high-resolution transmission electron microscopy (HRTEM); mechanical properties evaluation was
undertaken by Vickers microhardness tests.

2. Materials and Methods

2.1. Materials

CNTs used in this investigation (from Fibermax Nanocomposites) are multi-walled carbon
nanotubes (MWCNTs). Figure 1 shows the morphology and structure of the as-received CNTs. The
MWCNTs exhibit inner and outer diameters of 5 ± 1 and 19 ± 6 nm respectively. As-received CNTs
were entangled and had a large aspect ratio (Figure 1a). In order to achieve good dispersion in the
production of the nanocomposites, the untangling of CNTs is essential before they are mixed with the
metallic powders.

A more detailed observation of MWCNT morphology is presented in the HRTEM image of
Figure 1b. The image shows an MWCNT with 20 walls. These walls show few defects; however, it
is possible to observe the bamboo-type structure characteristic of MWCNTs produced by chemical
vapor deposition.

The aluminum and nickel powders (from Goodfellow) have a maximum particle size of 65 μm and
60 μm respectively, and a purity of 99.5%. Figure 2 shows the SEM images of as-received aluminum
and nickel powders and the distributions of the particle sizes.

145



Metals 2017, 7, 279

  

(a) (b) 

Figure 1. (a) TEM image of as-received carbon nanotubes (CNTs), and (b) high-resolution transmission
electron microscopy (HRTEM) image of a CNT showing the morphology and structure of the
multi-walled carbon nanotubes (MWCNTs) as well as detail showing the number of walls measured
for this CNT.

  
(a) (b) 

  

(c) (d) 

Figure 2. SEM images and particle size distributions of: (a) and (b) aluminum and (c) and
(d) nickel powders.
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2.2. Production of Nanocomposites

To produce the nanocomposites, the MWCNTs were dispersed and mixed with metallic powders
in isopropanol using an ultrasonicator for 15 min, as described in [29,30]. The mixtures were dried
and uniaxially pressed with 300 MPa for Al/CNTs and 900 MPa for Ni/CNTs. Compacts of 6 mm
diameter and 2 mm thickness were produced with different content of CNTs (ranging from 0.50 to
2.00 vol %) and pressureless sintered under a vacuum better than 10−2 Pa. The sintering was performed
at 640 ◦C with a dwell time of 90 min for Al/CNTs and at 950 ◦C with a dwell time of 120 min for
Ni/CNT nanocomposites.

2.3. Nanocomposites Characterization

2.3.1. Microstructural Characterization

Microstructural characterization of cross-sections perpendicular to the compaction direction of the
nanocomposites was performed by optical microscopy (OM) (DM4000, Leica Microsystems, Wetzlar,
Germany), scanning and transmission electron microscopies (SEM and TEM), selected area electron
diffraction (SAED), electron backscattered diffraction (EBSD), high-resolution transmission electron
microscopy (HRTEM) and fast Fourier transform (FFT) analysis. A high-resolution FEI QUANTA 400
FEG SEM (FEI Company, Hillsboro, OR, USA), a JEOL JEM 2010F (JEOL Ltd., Tokyo, Japan) and an FEI
Tecnai G2 (FEI Company, Hillsboro, OR, USA) were used for this purpose. Electron transparent cross
sections of nanocomposites were prepared by the lift-out technique at 5–30 keV, using the focused ion
beam (FIB) (FEI FIB200, FEI Company, Hillsboro, OR, USA).

The distribution and size of CNT clusters through the matrices and the composite average grain
size were evaluated using an OM and Leica Application Suite software (Leica Microsystems, Wetzlar,
Germany). The dispersion of the CNT clusters was assessed by measuring the number and average
diameter of the clusters in five fields of 489 × 653 μm2.

2.3.2. Mechanical Characterization

Mechanical characterization was performed by microhardness tests. The hardness was evaluated
by Vickers microhardness using a 98 mN load (Duramin-1, Struers A/S, Ballerup, Denmark); ten tests
were performed on cross-sections of each sample.

Al/CNT and Ni/CNT nanocomposites and aluminum and nickel samples produced under the
same processing conditions were also tested.

3. Results and Discussion

3.1. Microstructural Characterization of Nanocomposites

Al/CNT and Ni/CNT nanocomposites were produced by powder metallurgy using
ultrasonication as the dispersion/mixture process. Different CNT contents were used to evaluate the
conditions leading to a higher strengthening by CNT reinforcement. Figure 3 shows the microstructures
of the nanocomposites produced with 1.00 vol % of CNTs. From the OM images of Figure 3, it is
observed that the microstructures of the Al/CNT and Ni/CNT nanocomposites are very similar.
In these OM images, it is possible to observe that equiaxied grains characterize the nanocomposites; at
some grain boundary junctions, dark areas are observed that are larger than typical grain boundaries.
By SEM analysis (Figure 4) it is clear that these zones correspond to CNT clusters.

TEM and HRTEM observations revealed the presence of individual CNTs well-dispersed and
embedded in the metallic matrices (Figure 5). In Figure 5a,b some examples of CNTs (marked
with black arrows) inside the grains of the matrix can be observed. HRTEM images of Figure 5c
revealed a CNT well-bonded to the metallic matrix. In a previous work [29], the formation of Al4C3

by reaction of the CNTs with the aluminum matrix was observed by HRTEM in a nanocomposite
produced by this method. The reaction of the CNTs with the aluminum matrix was also reported by
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other researchers [32,33]. In contrast, there was no evidence of any type of reaction between nickel
and CNTs.

  
(a) (b) 

  
(c) (d) 

Figure 3. Optical microscopy (OM) images of the nanocomposites produced with 1.00 vol % of CNTs:
(a) and (b) Al/CNTs and (c) and (d) Ni/CNTs.

 

Figure 4. SEM image of the Al/CNT nanocomposites produced with 1.00 vol % of CNTs .

The number and size of the CNT clusters depends on the content of reinforcement. For
both matrices, it is observed that a better dispersion, of smaller cluster size, is obtained for the
nanocomposites produced with 1.00 vol % of CNTs. The increase in the content of CNTs promotes the
increase in the size of the clusters and a non-uniform dispersion, measured by OM (Table 1). These
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two parameters are essential in order to understand the effect of the dispersion process and of the
content of CNTs in the production of the nanocomposites.

 
(a) (b) 

  
(c) 

Figure 5. TEM images of the (a) Al/CNTs and (b) Ni/CNTs with the selected area electron diffraction
(SAED) of the matrix and (c) HRTEM image showing a CNT.

The powder metallurgy process is characterized by the production of samples with some porosity.
The aluminum and nickel samples exhibit a porosity of around 1% (Table 1). This porosity hinders the
identification of clusters in nanocomposites. The SEM observations of the microstructures reveal that
the pores are filled by CNTs, though it is not guaranteed that all pores will have been filled. In this
context, the percentage of pores and CNT clusters was measured jointly. Table 1 shows the values
as well as the maximum size of the CNT clusters. The effect of the CNT content on the percentage
of pores, plus CNT clusters for the Al/CNT and Ni/CNT nanocomposites is evident. As expected,
the increase in the content of CNTs leads to an increase in the number of pores plus CNT clusters.
The best dispersion is obtained for the nanocomposites produced with 1.00 vol % of CNTs as for this
composition the nanocomposites revealed the smaller size of the CNT clusters.

In order to evaluate the influence of the introduction of the CNTs on the microstructure of
aluminum and nickel matrices, the grain size and crystallographic orientation were investigated by
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EBSD. Figure 6 shows the grain size maps and distributions of samples produced with 0.00 vol % and
1.00 vol % of CNTs.

Table 1. Maximum size of CNT clusters, percentage of porosity and CNT clusters and average grain
size as a function of the CNT content.

Composites
CNT Content (vol

%)
Porosity and CNT
Clusters (vol %)

Maximum Size of CNT
Clusters (μm)

Average Grain
Size (μm)

Al/CNT

0 1.00 1 - 17
0.50 4.88 89 16
0.75 6.53 102 15
1.00 5.95 78 16
1.50 7.38 177 16

Ni/CNT

0 1.05 1 - 15
0.50 3.22 83 14
0.75 3.96 155 13
1.00 6.67 137 14
1.50 12.47 310 16

1 This value only represents the vol % of pores.

  

(a) (b) 

  
(c) (d) 

Figure 6. Grain size maps and distributions of the (a) aluminum and (b) nickel matrices and
(c) Al/CNTs and (d) Ni/CNTs nanocomposites.
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All nanocomposites had an average grain size similar to the sample produced without CNTs (pure
metallic matrix subject to the same production conditions). Table 1 presents the average grain sizes for
the pure metal and nanocomposites. Contrary to what has been reported by other authors [34], grain
refinement is not clearly observed for Al/CNT and Ni/CNT nanocomposites.

The inverse pole figures of the two metallic matrices and nanocomposites can be seen in Figure 7.
The analysis of this figure showed that the addition of CNTs affects the crystallographic orientation of
the grains. However, the pure matrices and the Al/CNT and Ni/CNT nanocomposites do not have a
strong preferred crystallographic orientation (texture); i.e., the incorporation of CNTs in the metallic
matrices does not promote the formation of a strong texture. This aspect is very important, since a
strong texture can significantly affect the mechanical properties.

 

(a) (b) 

 

(c) (d) 

Figure 7. Inverse pole figures of the (a) aluminum and (b) nickel matrices and (c) Al/CNTs and
(d) Ni/CNTs nanocomposites.

Microstructural characterization has shown that it is possible to produce nanocomposites of
different matrices (aluminum and nickel) by powder metallurgy, using ultrasonication as a process for
dispersing and mixing the powders and CNTs in a single step. The behavior of the two matrices is
quite similar. In both cases, the content of CNTs seems to significantly affect their dispersion. Summing
up, the results indicate that to obtain the best CNT dispersion, 1.00 vol % of CNTs must be used
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for both matrices. Higher contents of CNTs only promote the formation of larger clusters and a less
uniform dispersion. The CNTs introduction does not promote significant microstructural changes,
either in grain size or in the formation of textures.

3.2. Mechanical Characterization of Nanocomposites

The mechanical characterization of the nanocomposites was performed by Vickers hardness
tests. Figure 8 shows the results of the hardness for the Al/CNT and Ni/CNT nanocomposites
reinforced with different contents of CNTs; the bar chart shows the increase in the hardness of the
nanocomposites relative to the samples without CNTs produced for comparison purposes. For both
metal matrix composites, the highest hardness values were observed for 1.00 vol % of CNTs; these
values correspond to an increase in 50% when compared to the hardness of pure metallic matrices.

Figure 8. The increase in the hardness (HV 0.01) of the nanocomposites relative to pure metallic
matrices. The hardness values of all samples are listed in the table.

The observed strengthening cannot be explained by a Hall–Petch or texture effect, since
nanocomposites and metallic samples produced by the same method have similar grain sizes and weak
textures. The CNTs embedded in the matrices form continuous and bonded interfaces with them (as
can be observed in the HRTEM image presented in Figure 5c), thus assuring the effective load transfer,
reinforcing the nanocomposites. The formation of carbides can also contribute to the strengthening;
as previously mentioned, this was only observed in Al/CNT nanocomposites [29]. However, not
all CNTs contribute to the strengthening of nanocomposites; the CNTs of the clusters observed in
the grain junctions are not bonded to the matrix and cannot assure the load transfer. The increase of
CNT content above 1 vol % leads to the formation of larger clusters, increasing the heterogeneous
distribution of CNTs and thus leading to a softening.

4. Conclusions

Aluminum and nickel nanocomposites reinforced by CNTs were successfully produced via a
classical powder metallurgy route using ultrasonication as the dispersion/mixture process.

Individual CNTs dispersed and embedded in the matrix were observed through HRTEM, which
is an essential factor for reinforcement. This observation confirms that the use of the ultrasonication
method to disperse and mix is effective in the production of CNTs reinforced nanocomposites.
However, the CNTs are also observed in clusters, mainly at grain boundary junctions. The better
dispersion results were observed for the nanocomposites produced with 1.00 vol % of CNTs leading to
the highest hardness values. The 50% hardness increase demonstrated the strengthening effect of the
CNTs. Above this, CNT content larger clusters are formed, which decreases the strengthening effect.
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Abstract: The present study reports the development of Mg–Sm2O3 nanocomposites as light-weight
materials for weight critical applications targeted to reduce CO2 emissions, particularly in the
transportation sector. Mg-0.5, 1.0, and 1.5 vol % Sm2O3 nanocomposites are synthesized using
a powder metallurgy method incorporating hybrid microwave sintering and hot extrusion.
The microstructural studies showed dispersed Sm2O3 nanoparticles (NPs), refinement of grain size
due to the presence of Sm2O3 NPs, and presence of limited porosity. Microhardness and dimensional
stability of pure Mg increased with the progressive addition of Sm2O3 NPs. The addition of 1.5 vol %
of Sm2O3 NPs to the Mg matrix enhanced the ignition temperature by ~69 ◦C. The ability of pure
Mg to absorb vibration also progressively enhanced with the addition of Sm2O3 NPs. The room
temperature compressive strengths (CYS and UCS) of Mg–Sm2O3 nanocomposites were found to
be higher without having any adverse effect on ductility, leading to a significant increase in energy
absorbed prior to compressive failure. Further, microstructural characteristics are correlated with the
enhancement of various properties exhibited by nanocomposites.

Keywords: Magnesium; Sm2O3 nanoparticles; compression properties; damping;
microstructure; ignition

1. Introduction

Magnesium (Mg) is the lightest structural metal and the third most abundant element in the
Earth’s hydrosphere and sixth most abundant in the Earth’s crust, making it readily available [1]. Mg
has a density of 1.74 g/cc which is ~35.56%, ~61.39%, and ~77.89% lower than that of aluminium
(2.7 g/cc), titanium (4.506 g/cc), and iron (7.87 g/cc), respectively [2]. In addition to this, Mg exhibits
good mechanical and thermal properties, damping capacity, excellent castability, and machinability [3].
Mg-based materials have always been used in various industrial sectors such as aerospace, energy,
construction, automotive, security, and defense, all of which are crucial to the sustainability and
growth of the global economy. Increased demand for light-weighting drives the interest in Mg-based
materials to be used in above-mentioned sectors striving for weight reduction, higher fuel efficiency,
and payload capacity leading to reduced CO2 emissions. However, one of the major challenges is
the necessity to reduce environmental impact both in their production, end-use, and recyclability.
Adoption of fabrication techniques with reduced processing time and cost such as hybrid microwave
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sintering adopted in this study can result in significant energy savings which is economically viable
for industries and environmentally friendly in the reduction of CO2 emissions [4].

Currently, Mg is also finding application in biomedical engineering owing to its superior
biocompatibility [5]. Mg, being an important electrolyte for human metabolism, is the fourth most
abundant cation present in the body and is a cofactor in more than 300 enzyme systems that help in
regulating diverse biochemical reactions in the body [6]. Overall, 99% of total Mg present in our body
is in bone, muscles, and soft-muscular tissues [7]. Mg exhibits elastic modulus (41–45 GPa) closer
to that of human bone (3–20 GPa) in comparison to other materials such as titanium (100–110 GPa)
and stainless steel (189–205 GPa) showing, in addition, no indication of local or systemic toxicity
and hence is therefore being encouraged as a biomaterial by the scientific community [8]. It is
biocompatible as well as biodegradable [9] which further helps in eliminating corrective surgery
and patient trauma. However, its extensive use is limited owing to its limited room temperature
ductility, creep, corrosion resistance, and performance at elevated temperature [2]. Hence, researchers
are actively investigating Mg-based nanocomposites as lightweight structural materials having low
density, high strength, stiffness, and durability with improved corrosion resistance and acceptable
performance at elevated temperatures [10]. Nanocomposites form an emerging class of materials with
extremely good mechanical properties coupled with thermal integrity [11] owing to the presence of
dimensionally stable ceramic or metallic reinforcements, which provide high mechanical strength as
well as ductility [4].

As per the literature, Mg and its alloys have already been successfully incorporated with ceramic
oxide nanoparticles (NPs) such as ZnO, Al2O3, ZrO2, TiO2, and Y2O3 and characterized for various
mechanical properties [3]. Results obtained so far are promising, warranting further exploration of
new systems. Rare earth elements (REEs) have been recently used to alloy pure Mg with encouraging
results [12–17]. Rare earth oxides are natural choices as the addition of rare earth elements (REEs) as
alloying elements enhances various properties of magnesium. However rare earth elements are toxic
in nature and the use of rare earth oxides in nano-length scale is a viable option as they can be used in
lower amounts to realize the improvement in properties (typically less than 2% by volume). There are
seventeen rare earth oxides (REOs) and they have similar chemical properties by nature [6]. REOs,
owing to their strong rare-earth–oxygen interactions have been reported to significantly reduce the
grain size which leads to an increase in strength owing to a refined microstructure [18]. Further, they
help in gathering of segregated solute impurities at the grain boundaries, alleviating the concentration
of such deleterious solutes in the lattice and leading to improved ductility [19]. Hence, the addition
of REOs may help in realizing a good strength-ductility combination. Also, incorporation of REOs
at the nanoscale and spreading them into the interior of the grains encourages dislocation trapping
by the REO particles in the interior of the grains, helping sustain work hardening and resulting in
uniform elongation [19]. For example, Mg has been incorporated with yttrium oxide NPs and the
tensile properties improved both at room and elevated temperature [11]. However, the main concern
that arises with the use of REOs as a part of biomedical applications is their relatively unknown effects
on the physiological system and research needs to be carried out if these oxides are too toxic for use as
biomaterials [20].

Sm2O3 is one such REO having density 8.347 g/cc with high hardness Vickers
(438 HV), high melting temperature (2335 ◦C), elastic modulus (183 GPa), Gibbs free energy
(−1734.9 KJ·Mol−1) [21,22]. Sm2O3 is an important rare earth oxide and its current scope lies in the field
of solar cells, semiconductor gas, biochemical sensors, laser and photonic devices, precision guided
weapons, and is also an active catalyst for CO hydrogenation [23]. Sm2O3 is also used as a bone-seeking
radiopharmaceutical providing therapeutic irradiation to osteoblastic bone metastases [24]. The in-vitro
analysis of Sm2O3 was found to be excellent with an appropriate cell response for a bone-contacting
material and could support the initial stages of osteogenesis [24]. The response of osteoblast-like cells
to Sm2O3 assure the non-cytotoxicity of the material and biofunctionality making it potentially useful
in the field of biomaterials [24].
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Also, with the ban on Mg being lifted by Federal Aviation Administration (FAA) in 2015, there is
a renewed interest in replacing Al alloy based materials in the aircraft seat components, and until now,
Elektron®WE43, Elektron®21 and Elektron®675 alloys have complied with new FAA regulations [25].
Incorporation of rare earth elements have resulted in a better ignition performance of Mg wherein
Mg-10.6Y alloy and Mg3.5Y0.8Ca alloys have reported no ignition until ~1000 ◦C [16]. Although the
research on the ignition resistance of Mg-based nanocomposites is still in its early stages, promising
results for Mg-alloys can be of great encouragement to develop materials with superior overall
properties. Accordingly, in the present work, the microstructural, ignition, compression, and damping
properties are analyzed for the addition of 0.5, 1.0, and 1.5 vol % of Sm2O3 NPs in pure Mg.

2. Materials and Methods

2.1. Materials

The choice of material for metal matrix and reinforcement was Mg and Sm2O3, respectively.
Magnesium powder of 98.5% purity with a size range of 60–300 μm was supplied by Merck, Germany.
Sm2O3 powder with a size range of 20–30 nm was supplied by US Research Nanomaterials, Inc.,
Houston, TX, USA.

2.2. Synthesis

Powder Metallurgy technique assisted by hybrid microwave sintering was used for synthesis
of pure Mg and (0.5, 1 and 1.5 vol %) Sm2O3 nanocomposites. Blending was done for the carefully
weighed samples of pure Mg powder and Sm2O3 NPs in a RETSCH PM-400 mechanical alloying
machine (Haan, Germany). Cold compaction was done post-blending at a uniaxial pressure of 1000 psi.
The obtained billets (35-mm diameter and 40-mm height) were sintered using a hybrid microwave
sintering technique at 630 ◦C in a 2.45 GHz, 900 W Sharp microwave oven. The benefits of hybrid
microwave sintering over conventional sintering has been previously reported [10]. The billets were
soaked at 450 ◦C for 2 h prior to extrusion. A 150 T hydraulic press was used to extrude the billets at
a die temperature of 400 ◦C at an extrusion ratio of 20.25:1 to get cylindrical rods of 8 mm diameter.
The extruded samples were characterized for microstructural, physical, and mechanical properties.

2.3. Microstructural Characterization

The metallographic polished samples in the extruded state were studied to investigate the
grain size, reinforcement distribution, and interfacial integrity between the Mg matrix and Sm2O3

reinforcement. The OLYMPUS metallographic microscope (Leica Microsystems (SEA) Pte Ltd.,
Singapore, Singapore) and JEOL JSM-5800 LV Scanning Electron Microscope (SEM) coupled with
Energy Dispersive Spectroscopy (EDS) (Jeol USA Inc., Peabody, MA, USA) were used for the
microstructural characterization studies. The grain size was estimated by using a mathematical
code developed in-house.

2.4. Physical Properties

2.4.1. Density Measurement

The density of three polished extruded samples for each composition was measured using the
Archimedes principle. An A&D HM-202 electronic balance (Bradford, MA, USA) with an accuracy of
0.0001 g was used for measuring accurately the weights of the polished samples separately both in
air and when immersed in distilled water. The theoretical densities of the samples were calculated
assuming they are dense and there is no Mg–Sm2O3 interfacial reaction. The volume percentage of
porosity in each case was computed using the theoretical and experimental density values.
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2.4.2. Microhardness

Flat and polished specimens were used for micro hardness testing. A Shimadzu HMV automatic
digital micro hardness tester (Kyoto, Japan) with a Vickers indenter with a phase angle of 136◦ was
utilized for this purpose. The samples were subjected to a micro indentation load of 245 gf for a dwell
time of 15 s. The tests were performed as per ASTM E384-16 standard. 15 readings were taken for each
sample to ensure repeatability and accuracy of the results.

2.4.3. Coefficient of Thermal Expansion (CTE)

The CTE values of pure Mg and Mg–Sm2O3 nanocomposites were analyzed using a LINSEIS
TMA PT 1000LT thermo-mechanical analyzer (Tokyo, Japan). The argon flow was maintained at
0.1 litres per min (lpm) while heating rate was set at 5 ◦C/min. The displacement of the samples was
measured using an alumina probe in a temperature range of 50–400 ◦C. Three samples were tested to
check the response.

2.4.4. Ignition Temperature

The ignition temperature of the extruded pure Mg and Mg–Sm2O3 nanocomposite samples
(2 mm × 2 mm × 1 mm) was determined using a Shimadzu DTG-60H Thermo Gravimetric Analyser
(Kyoto, Japan). The samples were heated from 30 to 750 ◦C at a heating rate of 10 ◦C/min in purified
air with a flow rate of 50 mL/min. Three samples were tested to check the response.

2.5. Mechanical Properties

2.5.1. Compression Testing and Fracture Behavior

The compressive properties of the extruded pure Mg and Mg–Sm2O3 nanocomposite samples
were determined in accordance with ASTM test method E9-09 using an MTS-810 testing machine
(Eden Prairie, MN, USA) with a strain rate set at 8.334 × 10−5 s−1 on test specimens of 8 mm diameter
and 8 mm length. Five samples were tested for each composition to ensure the repeatability of the
test. Fractography was done for the compressive fractured samples using JEOL JSM-5800 LV Scanning
Electron Microscope (SEM) to get a better understanding of the possible modes of the failure.

2.5.2. Elastic Modulus and Damping Behavior

A damping analyzer (IMCE, Genk, Belgium) was used for analyzing the elastic modulus and
damping response of pure Mg and Mg–Sm2O3 nanocomposites using a resonant frequency as per
ASTM E1876-09. Two samples were used for the analysis were of 60 mm in length and 8 mm
in diameter.

3. Results and Discussion

3.1. Microstructural Characterization

The grain size measurements for pure Mg and the nanocomposite samples are shown in Table 1.
The size of the grains for pure Mg was found to decrease with the increasing presence of Sm2O3

NPs. Mg-0.5 vol % Sm2O3, Mg-1.0 vol % Sm2O3, Mg-1.5 vol % Sm2O3 exhibited grain size of 21.4 μm,
17.6 μm, and 12.9 μm which is ~16.73%, ~31.51%, and ~49.80% lower than that of pure Mg (25.7 μm),
respectively. The reduction in grain size for the nanocomposite can be attributed to the grain boundary
pinning mechanism where the Sm2O3 NPs pinned the recrystallized grains of Mg, hence restraining
its growth, and not to particle stimulated nucleation [26]. Dispersed Sm2O3 NPs within the Mg matrix
can be seen in Figure 1a–c. This can be attributed to the proper selection of blending, compaction, and
sintering parameters. Further, it can also be stated that the extrusion process having high extrusion ratio
(20.25:1) is able to break the agglomeration and disperse the NPs uniformly as can be seen in Figure 1.
However, some agglomerated sites may still be present after the extrusion process. This dispersed
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Sm2O3 NPs promotes more uniform heating through microwaves and demonstrates the effectiveness
of using hybrid microwave sintering for the synthesis of Mg-Sm2O3 nanocomposites.

Table 1. Results of microstructure, coefficient of thermal expansion (CTE), and microhardness studies.

Material Grain Size (μm) Aspect Ratio Hardness (Hv) CTE (×10−6/K)

Pure Mg 25.7 ± 2.6 1.39 ± 0.41 54 ± 2 26.27
Mg-0.5 Sm2O3 21.4 ± 2.3 (↓16.73%) 1.36 ± 0.20 64 ± 3 (↑18.52%) 25.82 (↓1.71%)
Mg-1.0 Sm2O3 17.6 ± 1.8 (↓31.51%) 1.33 ± 0.16 71 ± 2 (↑31.48%) 24.99 (↓4.87%)
Mg-1.5 Sm2O3 12.9 ± 2.2 (↓49.80%) 1.52 ± 0.30 73 ± 1 (↑35.18%) 24.11 (↓8.22%)

(↑x%) and (↓x%) indicates the percentage increase and decrease in the property with respect to pure Mg by
x%, respectively.

 

Figure 1. Scanning electron microscopy (SEM) images showing the distribution of Sm2O3 nanoparticles
(indicated by the arrows) in Mg-Sm2O3 nanocomposites: (a) Mg-0.5 vol % Sm2O3 (b) Mg-1 vol %
Sm2O3 (c) Mg-1.5 vol % Sm2O3 (d) interfacial integrity of Mg-1.0 vol % Sm2O3 nanocomposite.

3.2. Physical Properties

3.2.1. Density

The theoretical and experimental densities of the pure Mg and Mg-Sm2O3 nanocomposite samples
are shown in Table 2. The experimental density of the nanocomposite samples was found to be
increasing with the progressive addition of Sm2O3 NPs and can be attributed to the difference in density
between Sm2O3 NPs (8.34 g/cc) and pure Mg (1.74 g/cc). As seen from Table 2, the porosity values
are also found to be increasing with increasing density and the Mg-1.5 vol % Sm2O3 nanocomposite
exhibited highest porosity value. The low wettability, agglomeration rate, and pore nucleation at
the Mg-Sm2O3 interface could be the main reasons behind the increase in porosity with the increase
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in vol % of Sm2O3 NPs in Mg [27]. Further, no observed macrostructural defects were observed on
sintered samples and extruded rods, demonstrating the efficiency of hybrid microwave sintering and
hot extrusion to synthesize near-dense magnesium-based nanocomposites [28].

Table 2. Density measurements of pure magnesium and Mg-Sm2O3 nanocomposites.

Material Theoretical Density (g/cc) Experimental Density (g/cc) Porosity (%)

Pure Mg 1.74 1.7265 ± 0.0142 0.78
Mg-0.5 Sm2O3 1.773 1.7287 ± 0.0147 2.50
Mg-1.0 Sm2O3 1.806 1.7531 ± 0.0047 2.92
Mg-1.5 Sm2O3 1.839 1.7838 ± 0.0085 3.00

3.2.2. Microhardness

The microhardness measurements for pure Mg and the nanocomposite samples are shown in
Table 1. The progressive addition of Sm2O3 NPs resulted in a steady increase in the hardness values of
pure Mg. With the addition of 1.5 vol % Sm2O3, a maximum average value of 73 Hv was observed
which is ~35.18% greater than that of pure Mg (54 Hv). The presence of high hardness Sm2O3 NPs
(430 Hv), reduced grain size, and constraint to localized deformation during indentation due to the
presence of harder Sm2O3 NPs are the main inferences for the increase in the microhardness of the
nanocomposite samples.

3.2.3. Coefficient of Thermal Expansion (CTE)

The coefficient of thermal expansion values for pure Mg and Mg-Sm2O3 nanocomposites samples
are shown in Table 1. The CTE values for Mg-0.5 vol % Sm2O3 (25.82 × 10−6/K), Mg-1.0 vol % Sm2O3

(24.99 × 10−6/K), and Mg-1.5 vol % Sm2O3 (24.11 × 10−6/K) were found to be ~1.71%, ~4.87, and
~8.22% lower than that of pure Mg (26.27 × 10−6/K). The CTE values of pure Mg follows a linear
decreasing trend with the increasing addition of Sm2O3 NPs, which is found to be in accordance with
the theory that the thermal expansion of composites is governed by the competing interactions of
expansion of the Mg matrix and the constraint of reinforcement particles through their interfaces.
This behavior can be attributed to the lower CTE value of Sm2O3 (8.5 × 10−6/K) reinforcement as
compared to that of pure Mg (26.27 × 10−6/K) and the presence of ceramic reinforcements in the
matrix, hence maintaining the dimensional stability of pure Mg.

For comparison purposes, theoretical CTE values of Mg–Sm2O3 nanocomposites were determined
by using the Rule of Mixture (ROM) model [29], which is expressed as:

αc = αm·vm + αp·vp (1)

where α is the CTE, 10−6/K; v is the volume fraction and subscripts c, m, p refers to the composite,
matrix, and reinforcement phase, respectively. It was observed that the experimental values of CTE
obtained were lower than the theoretical values of 27.1, ~27.01, ~26.91, and ~26.82 × 10−6/K for pure
Mg, Mg-0.5 vol % Sm2O3, Mg-1 vol % Sm2O3, and Mg-1.5 vol % Sm2O3, respectively. This can be
attributed to the overriding effect of presence and increasing amount of Sm2O3 over that of increasing
level of porosity of Mg–Sm2O3 nanocomposites (Table 2).

3.2.4. Ignition Properties

The onset of ignition occurs only when the stable surface oxide of Mg-based materials tends to
lose its protective properties [30]. Pure Mg can auto-ignite in solid state during heating due to the rapid
increase in localized heat that causes melting and evaporation of the metal locally. When the Mg vapor
is in contact with air at the gas/metal interface, the metal ignites. However, with the modification of
the chemistry of the material by the addition of thermally stable alloying elements and reinforcements,
the mechanism changes and can delay the onset of ignition [16]. Therefore, an attempt has been made
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to study and analyze the effect of thermally stable rare earth oxides (Sm2O3 in the current system) on
the ignition temperature of monolithic magnesium.

The ignition results using thermogravimetric analysis (TGA) are presented in Table 3. The ignition
point is 610 and 613 ◦C for 0.5 and 1.0 vol % Sm2O3 and then escalates to 650 ◦C for 1.5 vol % of Sm2O3

which is ~69 ◦C more than pure Mg (581 ◦C). The ignition temperature for 1.5 vol % of Sm2O3 is found
to be higher than most of the commercially available magnesium alloys such as AZ31, AZ61, AZ63,
AZ91, AM50, AM60, ZK40A, ZK51A, and ZK60A [16] (Table 3). The ascending behavior of the point
of ignition and the enhanced resistance to ignition with increasing volume fraction of Sm2O3 NPs
may be attributed to the lower CTE values, thus maintaining the thermal and dimensional stability
of the nanocomposites [26]. In addition, the presence of Sm2O3 NPs in the Mg matrix assists in
reducing specific areas of oxidation and hence assists in delaying the onset of ignition in the Mg-Sm2O3

nanocomposites. It has been previously reported that Sm2O3 is a stable protective oxide in air at
temperatures up to at least 593 ◦C [31]. Further, the molecular volume of oxide (øa) is 1.21 for Sm2O3

and both its oxidation states (+2 and +3) form stable protective oxides [32]. Since Sm2O3 has a high
affinity to oxygen owing to strong rare-earth–oxygen interactions, a protective barrier layer is formed
on the surface of Mg, restraining its reaction with oxygen. The results in Table 3 indicated that 1.5 vol %
of Sm2O3 is most effective and the variation in ignition temperature between 0.5 and 1 vol % Sm2O3

was negligible, suggesting the requirement of a certain critical threshold of Sm2O3 to significantly
enhance the ignition temperature. Further work is continuing in this area.

Table 3. Results of ignition temperatures characterization.

Material Ignition Temperature (◦C) Thermal Conductivity (W/m·K)

Pure Mg 581 135
Mg-0.5 Sm2O3 610 134.32
Mg-1.0 Sm2O3 613 133.65
Mg-1.5 Sm2O3 650 132.97

AZ31 628

-

AZ61 559
AZ63 573
AZ91 600
AM50 585
AM60 525
ZK40A 500
ZK51A 552
ZK60A 499

The ignition temperature values of commercially available magnesium alloys such as AZ31, AZ61, AZ63, AZ91,
AM50, AM60, ZK40A, ZK51A, and ZK60A are compiled from references given in [16].

The thermal conductivity (W/m·K) at 400 ◦C calculated theoretically by rule of mixtures and
ignition temperature can be correlated for the Mg-Sm2O3 nanocomposites to understand the ignition
behavior [26]. The ignition temperature ascends with the decrease in thermal conductivity with the
increasing content in the volume fraction of Sm2O3, as seen from Table 3. It can be inferred that that
the addition of Sm2O3 NPs helped in increasing the insulating property of pure Mg [33]. Further, the
thermal conductivity of the composites is directly related to the amount of reinforcement added to
the matrix, and in view of the ability of reinforcement to reduce the availability of metallic matrix for
ignition, also leads to increased ignition performance with progressive addition of Sm2O3 NPs [34].

However, the underlying dominating mechanisms determining the ignition temperatures of
Mg-based materials are complex and are not very well known, especially of the nanocomposites.
Therefore, further study on the mechanisms of increase/decrease in the ignition temperature with the
presence of Sm2O3 NPs and the dependence of the ignition characteristics on the size of the NPs will
be an interesting direction of research.
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3.3.Mechanical Properties

3.2.5. Compression Properties and Fracture Behavior

The room temperature compressive properties and their stress–strain relationship is shown in
Table 4 and Figure 2, respectively. As it can be seen from Table 4, the compressive yield strength
(0.2 CYS) of Mg increased from 74 to 87 MPa, 118, and 128 MPa with the addition of 0.5, 1.0,
and 1.5 vol % of Sm2O3 NPs, respectively. The ultimate compressive strength (UCS) values for
the Mg–Sm2O3 nanocomposites also increased with the progressive addition of Sm2O3 NPs with
Mg-1.5 vol % Sm2O3 exhibiting the maximum UCS of 395 MPa, which is ~58.63% greater than pure
Mg. The compressive fracture strain values of Mg–Sm2O3 nanocomposites also increased up to 1 vol %
addition of Sm2O3 NPs, and maximum fracture strain was exhibited by Mg-1 vol % Sm2O3 with 20.1%
(~15.51% greater than pure Mg). With the further addition of Sm2O3 NPs (1.5 vol %), a decrease in
fracture strain value of 17.2% was observed. This reduction in fracture strain for Mg-1.5 vol % Sm2O3

(~1.14% lesser than pure Mg) is very marginal and the addition of Sm2O3 NPs helps in maintaining
the ductility while increasing the strengths significantly. The increase in the 0.2 CYS and UCS of
Mg-Sm2O3 nanocomposites can be attributed to (a) presence of fairly dispersed, hard Sm2O3 NPs [35];
(b) significant grain refinement (Table 1) [33]; (c) effective transfer of load from the Mg matrix to Sm2O3

NPs [36]; (d) mismatch of the elastic modulus and coefficient of thermal expansion values leading to
generation of dislocations [37], and (e) Orowan strengthening due to the presence of Sm2O3 NPs [37].
The energy absorption (EA) during the process of compressive loading until failure also increased with
the progressive addition of Sm2O3 NPs. Mg-1 vol % Sm2O3 nanocomposite exhibited the maximum
EA value of 42.9 MJ/m3 which is ~60.07% greater than that of pure Mg. The enhanced EA of the
nanocomposites with respect to pure Mg shows its potential to be used in damage tolerant designs.

Table 4. Results of room temperature compression testing.

Material 0.2 CYS (MPa) UCS (MPa) Fracture Strain (%) Energy Absorbed (MJ/m3)

Pure Mg 74 ± 3 249 ± 6 17.4 ± 0.3 26.8 ± 0.7
Mg-0.5 Sm2O3 87 ± 1 (↑17.56%) 285 ± 6 (↑14.45%) 19.8 ± 0.6 (↑13.79%) 33.0 ± 1.3 (↑23.13%)
Mg-1.0 Sm2O3 118 ± 2 (↑59.45%) 331 ± 7 (↑32.93%) 20.1 ± 0.7 (↑15.51%) 42.9 ± 2.9 (↑60.07%)
Mg-1.5 Sm2O3 128 ± 5 (↑72.97%) 395 ± 7 (↑58.63%) 17.2 ± 0.5 (↓1.14%) 41.2 ± 2.4 (↑53.73%)

Figure 2. Stress–strain curves of pure Mg and the synthesized Mg-Sm2O3 nanocomposites during
compression loading.
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Under compression along the extrusion direction of Mg based materials, deformation occurs
by twin, followed by slip [38]. The upward concave (sigmoidal) nature of compressive flow curves
(Figure 2) with high work hardening further affirms that the compressive deformation occurs by
a twinning process. Though the grain refinement is believed to suppress both twin and slip [39],
in turn enhancing the strength of nanocomposites, this effect comes at the expense of compressive
ductility. Conversely, the results show that compressive failure strain of the developed Mg-Sm2O3

nanocomposites were superior when compared to pure Mg upto 1 vol % addition of Sm2O3 NPs
and was comparable to pure Mg for Mg-1.5 vol % Sm2O3. This can be explained by the fact that,
in addition to the role of grain size on the activation energy of twinning, texture also influences the
deformation twinning. Additions of rare earth oxides, such as Sm2O3, can facilitate grain alignment,
favoring both slip and deformation twinning [40]. Thus, the presence of Sm2O3 NPs would help
in delaying the twinning by activation of additional competing slip/twin deformation modes by
the change in crystallographic orientation, thereby contributing to increased failure strain. Further
studies, such as electron back-scattered diffraction (EBSD), are required to confirm the evolution of
crystallographic texture in pure Mg due to incorporation of Sm2O3 NPs. To confirm the mode of failure
under compression, fracture studies were performed. Under compressive loading, fracture surfaces
are at about 45 degrees with respect to the compression testing direction. Shear bands were observed
(see Figure 3), which is an indication of shear mode of failure.

 

Figure 3. Fractographs after compressive loading of: (a) Pure Mg; (b) Mg-0.5 vol % Sm2O3;
(c) Mg-1 vol % Sm2O3, and (d) Mg-1.5 vol % Sm2O3.

Figure 4 provides an overview of the improvements observed in UCS and fracture strain
by the addition of Sm2O3 NPs to pure Mg in comparison to other ceramic, hybrid (ceramic +
metallic), and amorphous reinforcements synthesized by powder metallurgy. It can be seen from
Figure 4 that, Mg–Sm2O3 nanocomposites exhibited the highest UCS with better fracture strain
in comparison to other ceramic reinforcements (represented by green bubble). Also, the strength
values were comparable to those of hybrid (represented by blue bubble) and amorphous (represented
by red bubble) particle-reinforced Mg composites. Further, it should be noted that the room
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temperature compressive properties of the synthesized nanocomposites are superior or comparable
to the properties of commercial magnesium alloys such as AZ91, WE43, WE54, and ME21 [1,41].
The combined enhancement in both strength-ductility properties which is better than most powder
metallurgy synthesized nanocomposites justifies the use of Sm2O3 as a reinforcement, and would
encourage researchers in the Mg community to further study its behavior and suitability for various
commercial applications.

Figure 4. Bubble chart illustrating the superior compressive behaviour of Mg-Sm2O3 nanocomposites
compiled from references [3,10].

3.2.6. Elastic Modulus and Damping Characteristics

Figure 5 shows a set of amplitude–time plots of representative samples and Table 5 lists damping
loss rate, damping capacity, and elastic moduli of pure Mg and their nanocomposite samples.
The vibration signal from each sample is recorded in terms of amplitude vs. time in free vibration
mode. The results clearly indicate that the amplitude and time taken to stop the vibration are different
for each material and the addition of Sm2O3 NPs significantly enhances the damping characteristics of
pure Mg. It can be seen from Figure 5 that the amplitude decreases gradually for pure Mg as against
steeper fall in Mg-Sm2O3 nanocomposites. With the addition of 0.5 and 1 vol % Sm2O3 in Mg matrix,
the time taken to damp the vibrations is reduced significantly from 0.65 to 0.37 and 0.29 s, respectively.
Most of the vibrations are ceased in less than ~0.2 s with the addition of 1.5 vol % Sm2O3.

Table 5. Elastic modulus and damping characteristics of Mg-Sm2O3 nanocomposites.

Material Damping Loss Rate Damping Capacity Elastic Modulus (GPa)

Pure Mg 8.2 ± 0.2 0.000394 ± 0.000021 42.3 ± 0.14
Mg-0.5 Sm2O3 20.2 ± 0.4 (* 2.46) 0.000719 ± 0.000017 (↑82.48%) 43.7 ± 0.1 (↑3.30%)
Mg-1 Sm2O3 29.35 ± 1.2 (* 3.57) 0.001049 ± 0.00058 (↑166.24%) 45.4 ± 0.08 (↑7.32%)

Mg-1.5 Sm2O3 36.65 ± 0.9 (* 4.47) 0.0011395 ± 0.0008 (↑189.21%) 44.9 ± 0.2 (↑6.14%)

(* x) indicates the increase in the property with respect to pure Mg by x times; (↑x%) and (↓x%) indicates the
percentage increase and decrease in the property with respect to pure Mg by x%, respectively.

164



Metals 2017, 7, 357

Figure 5. Damping characteristics of Mg and its nanocomposite samples.

The damping loss rate (L) which is the ability of a material to absorb vibration [42], showed an
increase with the addition of Sm2O3 NPs (Table 5) and Mg-1.5 vol % Sm2O3 exhibited the maximum
value of ~36.65 (~4.47 times greater than that of pure Mg). Damping loss rate as a function of volume
percent of the reinforcement follows a linear fit and can be expressed using Equation (2) as,

L = 9.425 + 18.9 × X (vol %), (R2 = 0.9877) (2)

Further, the damping capacity (Q−1) of Mg is also seen to be increasing with the addition of
Sm2O3 NPs. The highest damping capacity of 0.0011395 (~189.21% rise as compared to pure Mg) is
shown by Mg-1.5 vol % Sm2O3 nanocomposite. This overall enhancement of the damping properties
of Mg-Sm2O3 nanocomposites might be due to the presence of a plastic zone around reinforcement,
increase in dislocation density, and due to other damping sources, such as grain boundary sliding
mechanisms, defects, and porosities which are analyzed for their validity in the following paragraphs.

A more qualitative evaluation of damping would be by considering the attenuation coefficients.
In magnesium and its alloys, the amplitude of free vibration gradually decreases with increase in time
and the difference lies in the steepness of the curve which is quantified by the attenuation coefficient.
In this study, the material vibrates at a resonant frequency when excited by cyclic external force and
when this external force is removed, the resonant-vibration dampens gradually. Then, the amplitude
of a damping vibration, A(t), can be expressed as

A(t) = Ao exp [− αt + i
π

fr
t] (3)

where, “t” is the time after removal of the external force, “A0” denotes the amplitude at t = 0, “α”
represents the attenuation (damping) coefficient (which depends on the damping capacity of materials),
and fr denotes the resonant frequency. Here, in the case of the Mg-Sm2O3 nanocomposites, various
vibration modes are excited, and therefore we cannot obtain the attenuation coefficient by fitting
Equation (3) to the vibration–damping curve. In order to determine α in such a case, the maximum
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value of positive amplitude of the damping curve has been picked up and fitted according to the
following equation:

A(t) = Ao e(− α)t + C (4)

The amplitude and the apparent attenuation coefficients of Mg-Sm2O3 nanocomposites have
been obtained qualitatively, where C denotes the fitting coefficient. An increasing trend in α is clearly
evident from Figure 5 with the increasing amount of Sm2O3 NPs. A notable enhancement in the value
of α from 7.608 to 30.81 is observed in case of Mg-1.5 vol % Sm2O3 nanocomposite as compared to
pure Mg, demonstrating significant rise in damping capability.

The CTE of Sm2O3 and Mg is 8.5 [43] and 27.1 × 10−6/K, respectively. This difference in
thermal expansion coefficient between Mg and Sm2O3 might induce high residual stresses around
the particulates in the Mg matrix, resulting in the formation of plastic deformation zone at the
particle/matrix interface. According to the plastic zone damping model proposed by Carreno-Morelli
et al. [44], the damping capacity of a material depends directly on the volume fraction of plastic zone.
Therefore, progressive increase in the energy dissipation of pure Mg matrix can be attributed to the
higher amount of plastic zone around Sm2O3 NPs and further, at higher volume fractions effects are
multifold resulting in such a rise in the damping capacity of nanocomposites. Further, significantly
higher damping capacities realized for Mg-1 vol % Sm2O3 and Mg-1.5 vol % Sm2O3 nanocomposites
(~166.24% and 189.21% rise as compared to pure Mg, respectively) can be due to overlapping of plastic
zones, caused when the plastic zone is larger compared to smaller inter-particulate distances as the
volume fraction of NPs increases. This increase in the presence of plastic zones due to the presence of
Sm2O3 NPs leading to an increase in the hardness of the nanocomposite samples (Table 1) is found to
be substantially high when compared to pure Mg.

Also, thermal mismatch between the constituents leads to higher dislocation density in the matrix.
The increase in dislocation density is given as follows [45],

ρ =
9.6 ΔαΔTVp

bd
(5)

where, “Δα” is the thermal expansion coefficient mismatch between the matrix alloy and the filler
(×10−6/K), “ΔT” is the difference between working and final temperatures (◦C), “b” is denoted by
the Burger vector, “Vp” represents volume fraction (%), and “d” is the diameter of reinforcement (m).
The CTE difference between Sm2O3 and Mg is around 18.6 × 10−6/K. Dislocation density can be quite
significant at the interface and it increases with increasing Sm2O3 content. For magnesium-based
materials, increased dislocations are favorable for the damping enhancement as dislocation pinning
contributes to the damping behavior of magnesium nanocomposites [46]. The increase in dislocation
density can also be attributed to the presence of hard Sm2O3 NPs in the magnesium matrix [47].
In addition, the crystal structure will be distorted locally at the matrix/reinforcement interface due to
the presence of two-dimensional defects at the interface. Thereby, atoms may slip up at the interface,
resulting in flexible dislocation movement and leading to higher damping response [48].

Further, it has also been observed that defects play an important role in tailoring damping
properties. Chung [49] suggested that defects may shift the locations during vibration, acting as
internal friction resources leading to higher damping capacities. The presence of porosity further
augments the damping capacity due to the heterogeneous stress–strain distribution, causing stress
concentrations which results in higher dislocation movements [50]. From Table 1, an increase in the
addition of Sm2O3 NPs increased the porosity levels of Mg-Sm2O3 nanocomposites. The highest
damping capacity is observed for Mg-1.5 vol % Sm2O3 nanocomposite which has maximum matrix
porosity levels as seen from Table 1. Based on the aforementioned reasons, the damping is likely to
be dominated by the presence of porosity and the microstructural variations due to Sm2O3 NPs in
Mg-Sm2O3 nanocomposites [35]. Elasto-thermodynamic damping and grain boundary damping are
not expected to be significant in this study due to room temperature operation conditions, sample
dimensions, and frequency magnitude.
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Along with the compression and hardness properties, elastic modulus and damping capacity
are the two important properties to investigate for applications targeting orthopedic implants. High
elastic modulus (such as exhibited by steel and titanium) as compared to the natural bone results in
stress-shielding effects and decreases the stimulation of new bone growth, leading to implant failure [5].
The high damping capacity of a metallic implant helps in mitigating the vibrations caused when the
patient moves and suppresses the stresses developed at the bone/implant interface to achieve better
osseointegration [51]. The addition of Sm2O3 NPs enhanced the damping characteristics of pure Mg
with marginal increase in the elastic modulus (Table 5). This marginal increase in the elastic modulus
with increasing amount of Sm2O3 NPs can be attributed to the presence of Sm2O3 which exhibits a
higher elastic modulus of about 183 GPa [22]. However, it was observed that elastic modulus of all
samples remained lower than theoretical values, which can be attributed to the presence of porosity.
The effect of presence of high modulus Sm2O3 NPs was largely negated by the presence of relatively
higher amounts of porosity in the composites.

4. Biomechanical Properties

The compressive and elastic modulus properties can be collectively termed as “biomechanical
properties”. The biomechanical properties of Mg-Sm2O3 nanocomposites are compared with
natural bone, cortical bone tissue, Ti-6Al-4V alloy, 316L stainless steel, and Co-Cr alloy in Table 6.
The compressive strength is necessary for development and growth of bone and is responsible for
deposition of bone material and if the compressive stress exceeds the UCS of bone it will eventually
fracture. To avoid stress shielding effects, it is very important that the compressive strength of the
material should not exceed the strength of the surrounding bone [52]. Natural bone exhibits certain
hierarchical structures of nanometer dimensions within bone matrices and so implants are of ample
concern for bone repair and regeneration in biomedical applications [53]. From the results shown
in Table 6 compiled from references [8,35,54–56], the 0.2 CYS, UCS, and elastic modulus for the
nanocomposite samples are closer to that of bone and bone tissues and could improve the interface
between the nanocomposite and bone cells. The favored biomaterials, titanium alloys (Ti-6Al-4V),
316L stainless steel, and Co-Cr alloys exhibit significantly higher elastic modulus and are preferred
only as permanent fixtures [13]. Further, in these materials there is a possibility of leaching of ions
by corrosion or wear, thus decreasing their biocompatibility and causing tissue loss [57]. Also, as
stated in [53], mismatch in elastic modulus of bone and steels/titanium/Co-Cr alloys is likely to result
in bone resorption and loosening of implants. Hence, Mg-Sm2O3 nanocomposites may effectively
increase the stimulation of new bone growth and re-modelling which increases the implant stability,
making it favorable for applications in temporary implants avoiding stress-morbidity to the patient.
The results of this study suggest that the biomechanical properties of the nanocomposites have an
advantage over titanium alloys, 316L stainless steel, and Co-Cr alloys.

Table 6. Comparison between biomechanical properties of Mg–Sm2O3 nanocomposites with Ti-6Al-4V
alloy, 316L stainless steel, Co-Cr alloy, and hard and soft tissues of the human body.

Material Density (g/cc) 0.2% CYS (MPa) UCS (MPa) Fracture Strain (%) Elastic Modulus (GPa)

Natural Bone 1.8–2.1 a 130–180 a - - 3–20 a

Cortical Bone - - 131–224 b 2–12 b 15–30 b

Ti-6Al-4V alloy 4.43 c 970 c - - 113.8 c

316L Stainless Steel 8.0 d 170–310 a - - 193 d

Co-Cr alloy 9.12–9.24 e - 283–313 e - 222–240 e

Pure Mg 1.7265 74 249 17.4 42.3
Mg-0.5 Sm2O3 1.7287 87 285 19.8 43.7
Mg-1 Sm2O3 1.7531 118 331 20.1 45.4

Mg-1.5 Sm2O3 1.7838 128 395 17.2 44.9

Compiled from reference: a—[8]; b—[35]; c—[54]; d—[56]; e—[55].
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5. Conclusions

Mg-Sm2O3 nanocomposites were successfully synthesized using the powder metallurgy method
including hybrid microwave sintering. Simultaneously, mechanical, microstructural, and damping
properties were determined and analyzed. The following conclusions can be made from this study:

1. The grain size reduced with the progressive incorporation of Sm2O3 NPs to pure Mg, with
Mg-1.5 vol % Sm2O3 exhibiting a maximum of 46.7% reduction in grain size with respect to
pure Mg.

2. The hardness of pure Mg increased with the increasing amount of Sm2O3 with Mg-1.5 vol %
Sm2O3 showing a maximum increase of ~37%.

3. The CTE values reduced with the incorporation of Sm2O3 NPs in pure Mg with Mg-1.5 vol %
Sm2O3 showing a reduction of ~8.22% and the ignition temperature of Mg-1.5 vol % Sm2O3

showed the highest resistance to ignition (enhancement by ~69 ◦C), indicating superior thermal
and dimensional stability.

4. The damping loss rate and damping capacity of pure Mg enhanced with the increasing amount of
Sm2O3 NPs, with the Mg-1.5 vol % Sm2O3 nanocomposite displaying the best damping response
(~4.5 times better than pure Mg).

5. The best compressive strength was exhibited by the Mg-1.5 vol % Sm2O3 nanocomposite with
0.2 CYS and UCS values increasing by ~56% and 53% when compared to pure Mg. The ductility
values of Mg-Sm2O3 composites were either better or similar to pure Mg.

6. The superior compressive and damping properties with elastic modulus closer to natural bone
makes Mg-Sm2O3 composites a potential choice as implant materials.

This study introduces a lightweight Mg-Sm2O3 nanocomposite with an excellent combination
of strength, ductility, ignition resistance, and damping behavior. The superior-performance
nanocomposite presented in this study has great potential in automobile and aerospace applications,
and can be extended to others including defense, sport, electronic, and biomedical sectors. However,
a considerable amount research is still necessary to validate these materials for their tensile, dynamic,
high temperature, corrosion, fatigue, and wear properties before seeing their widespread use in
industrial applications. Also, further study into the ignition mechanisms and detailed analysis
is necessary to further exploit Mg nanocomposites and validate them for aerospace and defense
applications. The promising results obtained in this study by the addition of rare earth oxides (REO)
such as Sm2O3 to Mg presents a potential for the progress in research towards development of
other REO-reinforced Mg nanocomposites to further ascertain the viability and the usefulness of
such nanocomposites.
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Abstract: An AM60 magnesium alloy nanocomposite reinforced with 1 wt % of AlN nanoparticles
was prepared using an ultrasound (US) assisted permanent-mould indirect-chill casting process.
Ultrasonically generated cavitation and acoustic streaming promoted de-agglomeration of particle
clusters and distributed the particles throughout the melt. Significant grain refinement due to
nucleation on the AlN nanoparticles was accompanied by an exceptional improvement in properties:
yield strength increased by 103%, ultimate tensile strength by 115%, and ductility by 140%.
Although good grain refinement was observed, the large nucleation undercooling of 14 K limits
further refinement because nucleation is prevented by the formation of a nucleation-free zone
around each grain. To assess the industrial applicability and recyclability of the nanocomposite
material in various casting processes, tests were performed to determine the effect of remelting on
the microstructure. With each remelting, a small percentage of effective AlN nanoparticles was
lost, and some grain growth was observed. However, even after the third remelting, excellent
strength and ductility was retained. According to strengthening models, enhanced yield strength is
mainly attributed to Hall-Petch strengthening caused by the refined grain size. A small additional
contribution to strengthening is attributed to Orowan strengthening.

Keywords: nanoparticles; metal matrix nanocomposite (MMNC); AlN; magnesium alloy AM60;
strengthening mechanisms

1. Introduction

Magnesium alloys have been in use for over 90 years in weight critical applications. During the
last few decades, disadvantages such as vulnerability to corrosion, limited high temperature strength,
and creep resistance have been overcome by the development of advanced magnesium alloys
containing rare earth elements [1–3], calcium [4,5], strontium [6,7], tin [8,9], or barium [10]. However,
improvements achieved through novel alloy development are limited. This limit can only be overcome
through reinforcing magnesium alloys with particles or fibres, similar to metal matrix composites
(MMCs). Use of microscale reinforcements significantly improves the strength [11,12], wear [13],
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creep resistance [14–16], and fatigue strength [17,18]. However, these improvements require the
addition of 10–40% of reinforcement. This high amount usually increases the density of the material
significantly and lowers the ductility making it unsuitable for light weight applications.

The addition of 0.5 wt % AlN particles of less than 5 μm size to a Mg-3Al alloy reduced the
grain size to 120 μm from 450 μm without AlN addition [19]. Defining a grain size reduction (GSR)
by [20] GSR =

(
1√

DMMNC
− 1√

D0

)
, a value of 4.41 × 10−2 μm−1/2 has been achieved. The premise for

comparing GSR values is that the casting parameters are similar and there are no other influences that
may affect grain size.

For several years now, nano sized particles have been used as reinforcement for metal matrix
nanocomposites (MMNCs), and the number of publications on MMNC research is increasing,
see Figure 1. The main reason for this increase is the dramatic reduction in the price of nanoparticles.
Particles with a diameter below 100 nm have an ideal size for Orowan strengthening, even if only
small amounts are added when uniformly distributed in the matrix. Paramsothy and Gupta published
a study on the addition of 1.5 vol % AlN particles of 10 nm–20 nm in size to an AZ91/ZK60 hybrid
alloy [21,22]. This material was processed by Disintegrated Melt Deposition (DMD) followed by hot
extrusion. Although they did not observe any effect on grain size, the ductility slightly decreased, and
tensile yield strength slightly increased. An overview of nanoparticle reinforced magnesium alloys is
given in [23].

It is difficult to uniformly distribute nanoparticles in metallic melts because of their high surface
area and the poor wettability of nanoparticles by the metallic melt. A uniform distribution can be easily
produced with powder metallurgical processes but these processes are costly and cannot easily be
used for mass production. Other melt metallurgical processes such as DMD [24,25] or an evaporation
of magnesium after casting [26] have a scientific focus, but are not commercially viable. Conventional
casting processes which require only slight modifications for distributing nanoparticles, are, therefore,
a field of interest for research as well as for industry. For this reason, the European Project ExoMet
was established to explore novel grain refining and nanoparticle additions in conjunction with melt
treatment by means of external fields (electromagnetic, ultrasonic, and mechanical). These external
fields provide an effective and efficient method to disperse the nanoparticles into the melt with
uniform distribution in the as-cast material [27]. Of these fields, ultrasonic treatment is ideal as the
ultrasound waves and cavitation under the ultrasound probe promote de-agglomeration of particle
clusters and particle wetting. Also, acoustic streaming facilitates vigorous convection transporting the
released particles throughout the melt. Magnesium alloy Elektron21 has been successfully reinforced
with 1 wt % AlN nanoparticles and it was shown that AlN-reinforced Elektron21 has significantly
improved creep resistance at 240 ◦C [28]. At low stresses, the minimum creep rate is nearly one order
of magnitude lower compared to that of the unreinforced Elektron21, although Elektron21 is already
one of the most creep resistant commercially available magnesium alloys. SEM and TEM investigations
showed that the AlN nanoparticles are located in the eutectic region and in primary magnesium grains
close to the eutectic region. The nanoparticles seem to strengthen the eutectic region, which ultimately
results in creep strengthening of the nanocomposite. The reason for this may be that the particles tend
to prevent the material from grain boundary sliding by strengthening the eutectic and grain boundary
regions [28].

In this paper, we investigate microstructural features, strength, and recyclability of conventional
magnesium High Pressure Die Casting (HPDC) alloy AM60 reinforced with 1 wt % of AlN
nanoparticles and compare it to those of unreinforced AM60 processed using ultrasound assisted
casting in both cases.
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Figure 1. Number of publications on metal matrix nanocomposites (MMNCs) in Web of Science.

2. Materials and Methods

A commercial magnesium alloy AM60 was selected as it is widely used in the manufacture of high
pressure die castings for the automotive industry. The nominal composition according to the supplier,
MAGONTEC, of AM60 alloy is Mg-6Al-0.4Mn (wt %). The AlN nanoparticles were processed at Tomsk
State University, in Russia, using electric explosion of aluminium metal wire in a nitrogen-containing
atmosphere [29]. The medium particle size is 80 nm. Figure 2a shows typical particles and Figure 2b
shows the particle size distribution.

(a) (b)

Figure 2. (a) Typical AlN nanoparticles (scale bar: 200 nm) and (b) their particle size distribution.

Approximately 3 kg of molten AM60 alloy at 720 ◦C was poured into a preheated cylindrical
mould (450 ◦C), which was then placed within a three-zone resistance ring furnace (ThermConcept,
Bremen, Germany) for maintaining the temperature of the melt at 670 ◦C. After creating a vortex
by mechanical stirring (200 rpm), AlN nanoparticles wrapped in aluminium foil were introduced to
the melt. As soon as the particles were no longer on the top of the melt, ultrasonic (0.3 kW, 20 kHz)
stirring was applied for 5 min to disperse the particle clusters. After mixing, the stirrer and the
ultrasound probe were removed from the melt and the mould was lowered mechanically into a water
bath directly underneath the furnace opening. A steel mould (St52 or 1.0831) with 3 mm wall thickness
was used. As the mould was lowered into the water bath at a speed of 3 mm/s, solidification initiated
at the bottom and preceded upwards allowing shrinkage to be fed by the remaining melt above the
solid-liquid interface producing very dense castings. This process was invented in the 1930s by the
I.G. Farbenindustrie AG in Germany for production of slabs for rolling or extrusion. The cover gas,
1 vol % SF6 with Ar, was used during the whole casting process at a constant flux.

For comparison, AM60 without nanoparticles was cast in the same way including mechanical
and US assisted stirring. Cylinders of 100 mm diameter and a length of 250 mm were cast, and slices
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of 10 mm thickness were cut from the middle of the casting at a height of 125 mm. After extracting this
slice for metallography and tensile test specimens, the remaining parts were remelted at a temperature
of 670 ◦C in the mould. The melt was only slightly mechanically stirred and after holding for 5 min,
the melt solidified as described above to obtain the first recycled cylinder from which a slice was cut
out from the same area as was done in the first experiment. This process was repeated two more times
in order to obtain three recycled and remelted cylinders from which the role of AlN nanoparticles
during recycling could be elucidated.

Spiral casting experiments were performed with a spiral mould preheated to 375 ◦C and both
melts of AM60 and AM60 containing AlN nanoparticles had a melt temperature of 675 ◦C. The length
of the cast spiral was taken as a measure of relative viscosity of the melt. DSC (Differential Scanning
Calorimetry) measurement was done with a DSC 2 from Mettler Toledo (Mettler-Toledo, Greifensee,
Switzerland). Three heating and cooling cycles between 400 ◦C and 700 ◦C, from which the last two
cycles were used for determination of the undercooling at the start of solidification. Density was
determined following the Archimedean Principle by measuring the weight five times in air and ethanol
with a Sartorius balance LA230S (Sartorius, Göttingen, Germany).

To study the microstructure, samples were cut from the slice at approximately 10 mm from the
surface and were cold mounted using epoxy resin. Samples were ground (800, 1200, and 2500 grit)
and hardness values were measured with an EMCO M1C 010 testing machine (EMCO-TEST, Kuchl,
Austria) using a 5 kg load. The samples were ground with 2500 grit after the hardness tests and
polished with a 1 μm diamond solution in OPS (oxide polishing suspension). The surface of the sample
was etched with a 9 vol % picric acid solution and optical micrographs were recorded using polarised
light microscopy with Nomarski contrast to see the grain structures.

Five micro-tensile specimens (gauge length: 9 mm, cross section 2 mm × 2 mm) were
electro-discharge machined from the slices of the castings. The room temperature tensile tests
were conducted using a 5 kN universal tensile testing machine (Zwick-Roell, Ulm, Germany)
and the displacement was measured with a laser extensometer (Fiedler Optoelektronik GmbH,
Lützen, Germany).

Scanning electron microscopy was performed using a Tescan Vega3 SEM (TESCAN ORSAY, Brno,
Czech Republic) equipped with Tescan Energy dispersive X-ray (EDX) spectrometer. EDX spectra
maps were measured in order to identify possible sites with a higher concentration of nitrogen.
For calculations of the mismatch between AlN and Mg the crystal structures of Mg were generated
with CaRIne crystallographic software TM (CaRIne 3.1, Software CaRIne Crystallography, Senlis,
France, 2015) using data available in Pearsons crystallographic databases [30].

3. Results

3.1. Microstructure

The castings have a very uniform microstructure with less than 1% porosity and appear free of
segregation. The optical micrographs in Figure 3 show that the addition of AlN refined the grain
size significantly and the morphology of the grains changed from dendritic to a more equiaxed
structure, Figure 3a,b. The measured grain size shows a significant reduction from 1277.0 ± 301.3 μm
to 84.9 ± 6.2 μm due to the addition of nanoparticles to the AM60 alloy produced in a similar manner.
Figure 3c–e and Table 1 show the microstructures and properties following recycling through remelting,
with each remelting step increasing the grain size to 196.4 ± 16.0 μm after the third remelting cycle.
Grain size distribution graphs of all AlN containing materials are shown in Figure 3f–i. The measured
density and amount of porosity in the castings are given in Table 1. The amount of porosity was
calculated assuming a theoretical density of 1.799552 g/cm3 for AM60 + 1 wt % AlN and the results do
not differ significantly.
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Figure 3. Microstructures of (a) AM60 and (b) AM60 + AlN. Microstructures of the first, second,
and third recycled castings are shown in (c–e), respectively. Grain size distributions of (b–e) are
presented in (f–i), respectively.
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Table 1. Grain size, hardness, density, percent porosity, and the mechanical properties of the
investigated materials. UTS = ultimate tensile strength.

Property AM60 AM60 + AlN 1st Recycling 2nd Recycling 3rd Recycling

Grain size (μm) 1277.0 ± 301.3 84.9 ± 6.2 113.8 ± 22.1 176.8 ± 12.9 196.4 ± 16.0
Hardness (HV5) 48.0 ± 4.0 46.4 ± 6.0 50.9 ± 1.1 47.8 ± 1.0 48.5 ± 2.6
Density (g/cm3) 1.7848 ± 0.0004 1.783 ± 0 1.7842 ± 0.00075 1.7852 ± 0.0004 1.785 ± 0

Porosity (%) - 0.919 0.853 0.797 0.808

Yield strength (MPa) 44.9 ± 6.9 91.2 ± 3.8
Δ = 46.3

73.7 ± 8.1
Δ = 28.8

70.9 ± 4.3
Δ = 26.0

69.9 ± 5.0
Δ = 25.0

UTS (MPa) 109.3 ± 19.2 235.1 ± 6.4 220.3 ± 16.8 210.0 ± 11.0 194.3 ± 12.3
Elongation (%) 6.4 ± 3.4 15.4 ± 4.2 15.4 ± 4.5 11.7 ± 2.7 10.1 ± 1.8

3.2. Mechanical Properties

The room temperature tensile tests show a remarkable increase in the yield strength (YS) and the
ultimate tensile strength (UTS) after ultrasound (US) assisted addition of 1 wt % AlN nanoparticles,
with both values being over twice that of the alloy without AlN nanoparticles, Table 1 and Figure 4a.
There is an increase of 103% in YS and 115% in UTS. An increase of 140% was observed in the elongation
to failure with the addition of AlN nanoparticles, Figure 4b. As mentioned, the reinforcement of
micro-particles or fibres usually lowers the ductility significantly, but in this case, the AlN nanoparticle
addition more than doubles the elongation to failure. Grain refinement often has a positive effect
on ductility [31–33], although there is not a direct relationship between the two as other factors such
as casting defects and the presence of intermetallic phases can also affect ductility. In this work,
the absence of macroscopic cracking at twin boundaries is assumed to be the reason for improved
ductility [33].
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Figure 4. Mechanical properties: (a) yield and ultimate tensile strength and (b) elongation to fracture.

4. Discussion

AlN has a hexagonal crystal structure with the lattice parameters a = 0.311 nm and c = 0.498 nm,
and Mg has the same lattice structure with lattice parameters of a = 0.321 nm and c = 0.512 nm [30].
The mismatch between Mg and AlN was approximately 3.1% between the {1010} planes and
2.7% along the (0001) planes. The close matching between Mg and AlN is illustrated in Figure 5.
Similar mismatches were observed on other major planes of AlN and Mg. The similarities in crystal
structure and lattice parameter means that growth of Mg on an AlN particle is relatively easy and does
not require accommodation of large strain, and the differences in lattice parameter can be overcome
locally in the first layers of Mg that grow on the AlN particles.
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Figure 5. Crystallography of an AlN particle within a magnesium matrix.

4.1. Microstructure

The grain size can be assumed to be the average distance between successful nucleation events [34].
The number of particles added per gram of AlN powder of 80 nm average size is estimated to be
1.15 × 1015. The largest particles were measured to be 162 nm and represent 0.003% of the total
number of particles. The number of particles per gram was converted to the number of particles
per volume. Assuming complete mixing of particles occurs during US, the average spacing between
the largest particles would be 2.1 μm. If we also assume that the largest particles have the highest
nucleation potencies [34,35] and that all of these nucleate a grain, then the grain size would be 2.1 μm
compared with a measured average grain size of 84.9 μm. This indicates that only a very small fraction
(approximately 0.002%) of the largest 0.003% of particles successfully nucleate a grain.

Several factors could reduce the number of nucleation events. One is particle agglomeration.
Another is fading due to density differences where the higher density AlN particles sink to the bottom
of the casting. These two factors are probably playing a role in the increased grain size obtained after
each reheating cycle. Another cause may be particle pushing in front of a growing grain, although
one might expect this to decrease the grain size. However, no localised increase in nitrogen content
was observed at grain boundaries, suggesting particle pushing does not occur to a significant degree
during solidification.

Considering the particle size distribution, it may be that only the very largest particles within
the 162 nm band are effective nucleants. However, the alloy chemistry may have a more significant
effect on grain size because of the formation of a large nucleation-free zone (NFZ) which prevents
nucleation in a region around each newly formed grain. In other research [36] it was found that NFZ
was the dominant factor setting the grain size of Mg-Al alloys. In fact, the final as-cast grain size was
approximately equal to that in the NFZ. It was proposed that a very high density of nucleant particles
naturally exist in the melt, such that a particle of suitably high potency is present at the end of NFZ
where ΔTCS = ΔTn triggers nucleation. The size of NFZ is calculated by the equation:

NFZ =
D·zΔTn

v·Q +
4.6D

v

(
C∗

l − Co

C∗
l ·(1 − k)

)
(1)

where D is the diffusion coefficient of solute in the liquid, v the velocity of the growing solid-liquid
interface, Q the growth restriction factor, C∗

l the composition of the liquid at the solid-liquid interface,
Co the composition of the alloy, ΔTn the nucleation undercooling, k the partition coefficient, and z the
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fraction of ΔTn required to trigger the next nucleation event. The first term is the amount of growth
required to create enough constitutional supercooling, ΔTCS, to equal the nucleation undercooling of
the nucleant particle, ΔTn. The second term is the length of the constitutionally supercooled region in
front of the growing grain’s interface to the end of the diffusion field where ΔTCS = ΔTn. Given the
number of particles of 162 nm (3.45 × 1012), it can be assumed that there are sufficient particles to
nucleate a grain as soon as ΔTCS = ΔTn is reached (i.e., grain size equals NFZ).

ΔTn was determined from DSC to be 14 K (16 K for AM60 without AlN present). Despite the good
orientation relationship between AlN and α-Mg (above), the measured undercooling is in keeping
with the Free Growth Model [35], which predicts a large nucleation undercooling due to the nanoscale
size of the AlN particles. Using Equation (1) with Q of 26 K for AM60, D of 5 × 10−9 m2/s and v of
5 × 10−6 μm/s, NFZ is of the order of 600 μm. D and v are estimates based on literature data [36].
The growth velocity v will initially be faster at an undercooling of 14 K (i.e., higher driving force) than
for more potent particles. However, to reduce NFZ from 600 to about 85 μm, v would need to be about
seven times faster. No data exist to verify a change of this magnitude, but given the casting rate of
3 mm/s, v may be considerably faster. On the other hand, because the grain size is relatively small,
solute accumulation between the grains early in solidification will reduce the amount of constitutional
supercooling which can quickly reduce v [34]. Reducing D to 7 × 10−10 m2/s results in an NFZ (i.e.,
assumed to equal the grain size) of 89 μm. A possible reason for a lower diffusion coefficient is the
impediment to diffusion caused by the very high density of particles (increased viscosity suggests a
slower diffusion rate [37]). This effect was observed in the spiral casting tests where the length of the
spiral was 96.2 cm for AM60 and 83.5 cm for AM60 + AlN. Therefore, it is possible that hypothesized
changes to both v and D contribute to a reduction in the size of NFZ. Thus, the formation of NFZ
during solidification prevents nucleation on many of the suitably potent particles present in the melt,
reducing the potential for achieving a very fine grain size, for example, of less than 20 μm.

4.2. Mechanical Properties

A Hall-Petch diagram including the remelted nanocomposites is shown in Figure 6. It presents
the relationship between the yield strength and the reciprocal of the square root of grain size (D) for
AM60 and the AM60 based nanocomposites. According to the Hall-Petch relation (Equation (A1) in
Appendix A) σ0 was found to be 30.2 MPa and ky to be 530.2 MPa μm1/2.

Figure 6. Hall-Petch plot of yield strength over the reciprocal of the square root of grain size D
following Equation (A1) in Appendix A. (The standard deviation of the square root D is given in
percentage of standard deviation of D and a minimum square root fit was applied without considering
the standard deviations).

We have shown that the mechanical properties are comparable to HPDC, but without HPDC’s
inherent porosity (which can be up to 5%). Thus, the nanocomposites would be heat treatable
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and weldable, which is not possible with HPDC castings. The successful application of US in
producing a uniform microstructure throughout the castings, suggests that a master alloy with,
for e.g., 10 wt % nanoparticles, manufactured by this method, may feasibly be added to the base alloy
when conventionally cast. Also, the results of the recycled castings make it feasible to use the initial
nanocomposite materials as feedstock for casting processes where the additional cost of adding an
ultrasonic system is cost prohibitive.

4.3. Comparison of Yield Strength Prediction by Models

Various models describe the increase in yield strength in nanocomposites, whereby the
mechanisms for increasing the strength are based on the following microstructural effects: Orowan
strengthening, grain refinement, dislocation generation due to differences in the coefficient of thermal
expansion (CTE) or modulus, and the load-bearing mechanism. Kim et al. described the prediction of
strengthening effects in MMNCs based on magnesium [20]. Arithmetic summation of the strengthening
contributions can result in an overestimation in some cases [38,39]. This method is one of two methods
used in this study because the strengthening mechanisms are considered to be independent of each
other. The other method used is quadratic summation that is based on larger, micron-sized particles
and assumes interaction between the individual strengthening mechanisms, which is more likely to be
the case when larger particles act as reinforcement.

Under the precondition that the addition of nanoparticles reduces the grain size compared to the
unreinforced alloy cast under exactly the same conditions, the improvement in yield strength can be
described by Equation (A2) in Appendix A.

As mentioned above, the term in brackets is called grain size reduction, where DMMNC and
D0, the grain size in the nanocomposite and the unreinforced alloy, respectively, are processed
in the same way. Values for GSR are 8.05 × 10−2 μm−1/2 for the as-cast nanocomposite and
6.58 × 10−2 μm−1/2, 4.72 × 10−2 μm−1/2, and 4.34 × 10−2 μm−1/2 for castings of the first, second,
and third remelting, respectively.

Taking the grain sizes from Table 1 and ky to be 530.2 MPa μm1/2, the strengthening contribution
from grain size reduction according to Equation (A2) is 42.7 MPa for the as-cast nanocomposite,
and 34.9 MPa, 25.0 MPa, and 23.0 MPa for the first, second, and third remelted nanocomposites.
The strength increase due to grain refinement after Equation (A2) for the recycled materials is close to
the measured strength increase. There is a gap of 3.6 MPa for the as-cast AM60 + AlN that may be
generated by one of the other strengthening mechanisms mentioned above.

It may be assumed that Orowan strengthening contributes to the total increase in strength as
well. Zhang and Chen proposed a description for the Orowan contribution ΔσOR to strengthening [40]
given by Equation (A3) in Appendix A.

Vp is the volume fraction of 1 wt % AlN nanoparticles (≈5.5214 × 10−3), Gm is the shear modulus
of the matrix alloy (16.6 GPa), dp is the average diameter of the AlN nanoparticles (80 nm), and b the
Burgers vector of the matrix (0.32 nm). Applying these structural parameters, the Orowan contribution
to strengthening is calculated to be 11.9 MPa, which is larger than the gap between the measured yield
strength and the contribution of Hall-Petch strengthening, when applying arithmetic summation.

Geometrically necessary dislocations (GND) contribute to strengthening too. These dislocations
are created during cooling due to mismatch in the Coefficient of Thermal Expansion (CTE) between the
matrix and that of the reinforcement. The strengthening contribution of CTE mismatch during cooling
down from the casting temperature to room temperature can be calculated according to Equation (A5)
in Appendix A [39,41], where β is considered to be 1.25 [41], Δα is the difference between the CTE of
the matrix (28.5 × 10−6 K−1), and AlN-particles (4.5 × 10−6 K−1), and ΔT is the difference between
the processing temperature and tensile test temperature (room temperature). It needs to be mentioned
that particles smaller than a critical diameter d∗ are not expected to contribute to CTE-strengthening.
In an Al/Al2O3 system, Redsten et al. [42,43] proposed Equation (A6) in Appendix A for calculating
the critical size. Although solidification is finished at 543 ◦C, all generated mismatch created at
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high temperatures down to a homologous temperature of 0.59 (~210 ◦C) or only 0.55 (176 ◦C) [43] is
expected to relax by diffusion, so that ΔT is only 190 ◦C or 155 ◦C. Taking the mean value 172.5 ◦C
for ΔT, the critical diameter d∗ is calculated to be 87.4 nm. Having a medium particle size of 80 nm,
the influence of CTE mismatch on strengthening of the material is assumed to be negligible.

Other strengthening mechanisms like modulus mismatch strengthening, which creates GND
due to differences in elastic moduli of reinforcement and matrix alloy when subjected to compressive
stresses, can be neglected in this case. It needs to be taken into account only when materials are
post-processed, for e.g., in wrought processes, like extrusion, forging, or rolling, where compressive
stresses are applied.

Load bearing strengthening can be neglected in MMNCs with low volume fraction of
nanoparticles, as well. Following Equation (A7) in Appendix A [20], the strengthening contribution
of the load bearing effect ΔσLoad in the investigated system is 0.12 MPa, assuming a well bonded
spherical particle in the matrix.

The above calculations show that the main strengthening contribution of 42.7 MPa comes from
grain size reduction as a consequence of nanoparticle addition. Orowan strengthening contributed
11.9 MPa to yield strength improvement. Other effects can be ignored due to only small contributions to
strength. Neither GND dislocations due to CTE mismatch or modulus mismatch nor the load bearing
effect significantly improves yield strength. As mentioned above, either arithmetic (Equation (A8) in
Appendix A) or quadratic (Equation (A9) in Appendix A) summation can be applied.

Following Equation (A8) a total strength increase of 54.8 MPa can be assumed. Experimentally
we found an increase of 46.3 MPa. The arithmetic summation method, therefore, results in an
overestimation of yield strength increase, but is acceptable. The quadratic summation method of
Equation (A9) results in an increase of 44.3 MPa, which is slightly below the experimental yield
strength increase. Thus, both methods result in acceptable estimations.

5. Conclusions

An AM60 based nanocomposite containing 1 wt % of AlN particles with an average size of 80 nm
was successfully produced using an ultrasound assisted indirect chill casting process. Castings were
remelted three times in order to evaluate the microstructure and mechanical properties of each cast
nanocomposite. The as-cast nanocomposite is significantly grain refined compared to the AlN-free
AM60 processed in the same way including stirring and ultrasonic treatment. A nucleation-free
zone (NFZ) formed around each grain prevents further nucleation and, thus, limits the grain size to
approximately that of the size of NFZ. The addition of AlN nanoparticles under ultrasound treatment
produced remarkable improvements in mechanical properties: yield strength increased by 103%,
ultimate tensile strength by 115%, and ductility by 140%. By modelling the possible strengthening
mechanisms, the main contribution to yield strength is provided by Hall-Petch strengthening and a
small amount from Orowan strengthening. There is a negligible contribution from the CTE mismatch
mechanism. Whereas the arithmetic summation of strengthening effects overestimates the yield
strength increase, the quadratic summation method slightly underestimates it. After each remelting of
the as-cast nanocomposite, the yield strength, ultimate tensile strength, and ductility slightly decreased
while the grain size increased. These effects are interrelated according to Hall-Petch strengthening.
The small change in mechanical properties after remelting suggests the ultrasonically processed
nanocomposite is suitable for use and re-use in a range of casting processes.
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Appendix A

Hall-Petch relation: (Equation (A1)), where σy is the yield stress, σ0 is the friction stress that
allows dislocations to move on slip planes in a single crystal in the absence of any strengthening
mechanisms, ky is the stress concentration factor, and D is the average grain size [44,45].

σy = σ0 + kyD−1/2 (A1)

The improvement in yield strength can also be described with Equation (A2) if grain refinement
by addition of nanoparticles cast under exactly the same conditions is assumed [20], where DMMNC

and D0 are the grain size in the nanocomposite and the unreinforced alloy, respectively:

ΔσGR = ky

(
1√

DMMNC
− 1√

D0

)
(A2)

Orowan strengthening: Zhang and Chen proposed a description for the Orowan contribution
ΔσOR to strengthening [40] given by the following equation, Equation (A3):

ΔσOR =
0.13bGm

λ
ln

dp

2b
(A3)

where λ = dp

[(
1

2Vp

)1/3

− 1

]
(A4)

CTE mismatch: The strengthening contribution of CTE mismatch during cooling down from the
casting temperature to room temperature can be calculated according to Equation (A5) [39,41].

ΔσCTE =
√

3βGmb

√
12VpΔαΔT

bdp
(A5)

Particles smaller than a critical diameter d∗ are not expected to contribute to CTE-strengthening.
In an Al/Al2O3 system, Redsten et al. [42,43] proposed Equation (A6) for calculating the critical size:

d∗ =
b

ΔαΔT
(A6)

Load bearing strengthening:

ΔσLoad =
1
2

Vpσm (A7)

Arithmetic (Equation (A8)) or quadratic (Equation (A9)) summation of contributions to yield
strength increase:

ΔσTotal = ΔσGR + ΔσOR + ΔσCTE + ΔσMod + ΔσLoad (A8)

ΔσTotal =
√

ΔσGR
2 + ΔσOR

2 + ΔσCTE
2 + ΔσMod

2 + ΔσLoad
2 (A9)
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Abstract: This work focuses on the study of the microstructure, hardening, and stiffening effect
caused by the secondary phases formed in titanium matrices. These secondary phases originated from
reactions between the matrix and boron particles added in the starting mixtures of the composites.
Not only was the composite composition studied as an influencing factor in the behaviour of the
composites, but also different operational temperatures. Three volume percentages of boron content
were tested (0.9 vol %, 2.5 vol %, and 5 vol % of amorphous boron). The manufacturing process used
to produce the composites was inductive hot pressing, which operational temperatures were between
1000 and 1300 ◦C. Specimens showed optimal densification. Moreover, microstructural studies
revealed the formation of TiB in various shapes and proportions. Mechanical testing confirmed that
the secondary phases had a positive influence on properties of the composites. In general, adding
boron particles increased the hardness and stiffness of the composites; however rising temperatures
resulted in greater increases in stiffness than in hardness.

Keywords: in situ titanium composites; microstructure analysis; TiB precipitates

1. Introduction

Over the last few decades, titanium matrix composites (TMCs) have been considered as valuable
materials for diverse applications in aerospace industries. This sector demands materials that can
achieve high specific stiffness in addition to possessing good thermal stability at high operational
temperatures, such as TMCs [1–6].

Many studies have focused on the development of TMCs by different techniques.
Comparing conventional methods as ingot metallurgy with powder metallurgy routes, due to the
high chemical reactivity of Ti, the conventional ingot metallurgy process has not been suitable to
manufacture TMCs with ex situ additive. During the ingot metallurgy process, there could be no
control in the formation of undesirable products. Furthermore, powder metallurgy (PM) technologies
overcome certain problems of conventional processes: wettability between the matrix and the ceramic
reinforcements, and long and complex processing steps [7]; for that reason, powder metallurgy (PM)
processes have been widely used for the fabrication of TMCs. In this context, two types of PM routes
have been established to produce these specific materials: ex situ and in situ methods [2]. In ex situ
processes, stable ceramics such as TiC, TiB, SiC, and ZrC have been generally employed. There is little
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reactivity between these types of ceramics and the titanium matrix. Therefore, no compounds are
synthesized during the consolidation and sintering stages. This means that the size of the ceramic
particles as well as their morphology could not vary. Moreover, in such composites, the interface
between the reinforcing particles and matrix is often a source of weakness since there are differences in
the thermal expansion coefficients between matrix and reinforcement. Another factor of weakness
could be the thin oxide layers formed on the surfaces of the reinforcements when they have been
incorporated into the matrix. The bonding between particles and matrix could be affected by these
oxide layers [8].

Regarding the synthesizing in situ method, thanks to the high reactivity of titanium matrix
with the additive elements from compounds (Si3N4, TiB2, and B4C), stable secondary phases can be
formed [9]. That is why in situ PM processes are currently considered ones of the best techniques due
to the excellent properties of the produced materials. The main advantage of these kinds of composites
lies in the stable interface formed between the matrix and the reinforcing phase [10–17]. Among diverse
materials that could act as reactive compounds with titanium, boron (B) has been considered as a
suitable candidate to start in situ secondary reinforcing phases. Many recent works have presented this
non-metallic element as an ideal reactive to promote the formation of TiBW (TiB, TiB2) reinforcements
via solid-state reactions. The significance of these borides as reinforcements is based on the fact that
they are chemically compatible with the matrix, in addition to having similar densities and thermal
expansion coefficients [18–21]. Moreover, it is well known that the properties of pure titanium matrix
can be improved by the appearance of these TiBW precipitates (Young’s modulus of 110 GPa for pure
titanium and 467 GPa for TiB) [22,23]. A previous author describes that the morphology of TiBW

reinforcements is more effective for strengthening effect when they are arranged in one direction and
the growth of TiBW takes place anisotropically within a short time at high operational temperatures due
to the high reaction speed of B particles and Ti [23]. From a point of view of the size and morphology
of the reinforcements, the present work also studies these characteristics and their relationship with
the processing conditions and composition of the TMCs.

The employ of fast powder metallurgy methods as hot press technique, saves processing time,
which could affect the size and the morphology of the TiBW precipitates. In particular, inductive hot
pressing (iHP) technology is valued for in situ TMCs manufacturing due to its short operational time
(high heating rate ≤100 ◦C/min) [24–26]. The use of this technique has facilitated the investigation
of TMCs’ properties and the secondary phases formed at different processing temperatures [27,28].
Despite the advantages of this process, the restrictions of the specimens’ size (diameters of 20 mm) limit
the measurement of tensile and bending properties of the final specimens. For that reason, in this work,
in addition to the iHP process, Direct Hot Pressing (dHP) technology has been employed. Through
a pressure assisted sintering with direct heating of a pressing die, the consolidated composites can
be formed directly from powders in a short period of time (<15 min). Direct hot pressing is also
characterized by a high heating/cooling rate (≤100 ◦C/min) [29,30].

The scope of this research is the study and evaluation of the relationship between the compositions
of determinate TMCs, their processing conditions and their final properties.

2. Materials and Experimental Procedures

The starting materials were commercial Ti powders grade 1 and amorphous B particles,
manufactured by TLS GmbH (Bitterfeld, Germany) and ABCR GmbH & Co. KG (Karlsruhe, Germany)
respectively. The characterisation of both powders was performed to verify the information about
their size and morphology supplied by the manufacturers. The particle size distribution of the
starting powders was determined by laser diffraction analysis (Mastersizer 2000, Malvern Instruments,
Malvern, UK). The average particle size of the titanium and amorphous boron powders are listed
in Table 1.
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Table 1. Particle size distributions of the starting powders.

Particle Size Distribution Ti (μm) Amorphous B (μm)

D10 11.88 0.74
D50 28.13 2.44
D90 51.42 14.51

Before the hot consolidation of the composites, the blends of the powders were prepared.
The tested compositions and their operational parameters are shown in Table 2. The titanium powder
and each different volume percentage (vol %) of the amorphous B particles were mixed by tubular
machine (Sintris mixer) for 16 h with ceramic balls (ZrO2) of 3 mm diameter. The weight ratio of
ceramic balls to powder was 10:1. Moreover, the use of hexane helped towards the distribution
of the fine particles of amorphous B in the metallic matrix. The powder mixture was dried and
subsequently blended a second time for several minutes without the ceramic balls, to avoid possible
agglomerations. This was the same blending procedure used for producing composites as in previous
authors’ works [28,30]. Then, the target composition of three different powder mixtures was made
from titanium and 0.9, 2.5 and 5 vol % of B particles. With these compositions the predesigned values
of TiB are 2.65, 7.42, and 15.02 vol % respectively. These values were calculated based on the theoretical
densities: (i) 4.51 g/cm3 for titanium, (ii) 4.56 g/cm3 for TiB, and (iii) 2.46 g/cm3 for boron [1].

Subsequently, the hot and rapid consolidation of the specimens was carried out. Two machines
were employed to manufacture the specimens. The first was a self-made hot pressing machine, inductive
Hot Pressing (iHP) equipment made by RHP-Technology GmbH & Co. KG (Seiberdorf, Austria).
Its main advantage is its high heating rate due to its special inductive heating set-up.

The die used for all the ihp cycles was made from graphite (punch Ø 20 mm). It was lined with thin
paper with a protective coating of boron nitride (bn) for each ihp cycle. Then, it was introduced into
the hot pressing machine, with fixed processing parameters, heating rate and vacuum conditions [16].

Six specimens were consolidated by this iHP method (see Table 2). The second machine was
used to fabricate specimens with suitable dimensions in order to measure their mechanical properties.
Assuming the composite with low properties and TiB precipitates formation (5 vol % B at 1000 ◦C),
a second rapid hot pressing machine (direct hot pressing dHP with larger die (Ø 80 mm)) was also
used in order to measure mechanical properties.

Table 2. Composition and processing parameters for the manufacturing of titanium matrix
composites (TMCs).

Amorphous B (vol %) Temperature (◦C) Pressure (MPa) Dwell Time (min) Processing Method Diameter (mm)

0.9 1100 50 15 iHP * 20
2.5 1100 50 15 iHP 20
5 1000 50 15 iHP 20
5 1000 35 15 dHP * 80
5 1100 50 15 iHP 20
5 1200 50 15 iHP 20
5 1300 50 15 iHP 20

* inductive Hot Pressing (iHP) and direct Hot Pressing (dHP).

Regarding the operational parameters, Figure 1 shows the evolution of the cycle’s parameters for
each of the composites manufacturing runs in terms of temperature, pressure, and displacement of
the punches (uniaxial press). Figure 1a relates to the representative cycle in each of the hot pressing
machines. For dHP, the starting pressure and the heating rate are lower than in iHP due to requirements
of this technique.

The graphs shown in Figure 1b are drawn in order to compare all the run cycles across both iHP
and dHP equipment. As it is appreciated, the temperature versus time is represented in addition to
the punch displacement versus time. In all the cycles, the holding time (15 min) and the vacuum
conditions (5 × 10−4 bar) were fixed. In particular for the iHP runs, the consolidation temperature was
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varied: 1000, 1100, 1200, and 1300 ◦C (see Figure 1b). These values of temperature were employed to
investigate the effect of 100 ◦C increments in the microstructure and properties of specimens made
from same starting powder composition. In case of the specimen fabricated by dHP, the operational
conditions were similar than the iHP ones; however, only an operational temperature of 1000 ◦C was
set. This value was fixed according to a previous authors’ work in which an interesting microstructure
phenomenon took place at this temperature in TMCs at similar conditions, but made from different
raw materials [28].

 

Figure 1. (a) Graphical representation of temperature vs. time in iHP and dHP cycles; (b) temperature
variations vs. time and shrinkage displacements vs. time for TMCs processing cycles from the same
starting powders.

Once the iHP and dHP cycles were finished, the samples with 20 and 80 mm of diameter
were taken out from the respective dies and cleaned by a sand blasting machine to remove the
graphite paper remains from the surfaces. Then, the characterization of all the specimens was
performed. Firstly, metallographic preparation of all the specimens was carried out carefully to
study the newly-formed phases and the microstructure of the TMCs. The specimens were cut in two
pieces. The cross-section was polished. In this prepared cross section the X-ray (XRD) diffraction
analysis was performed. Then, XRD equipment (Brunker D8 Advance A25, Billerica, MA, USA)
was employed to identify the diverse crystalline phases in the composites. The microstructure
characterisation was studied by optical microscope (OM), Nikon Model Epiphot 200 equipment
(Tokyo, Japan), and by scanning electron microscope (SEM) JEOL 6460LV (Tokyo, Japan), integrated
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with electron backscatter diffraction (EBSD) detector and Energy Dispersive Spectroscopy (EDS).
The measurements of the precipitates’ sizes were performed using the software Image-Pro Plus 6.2
(Media Cybernetics, Rockville, MD, USA).

The density of the specimens was measured by Archimedes’ method (ASTM C373-14). The results
were compared to the theoretical density calculated by rule of mixtures. Hardness measurements
were carried out on the polished cross-sections of the specimens. Eight indentations were done
by a tester model, Struers-Duramin A300 (Ballerup, Germany), to ascertain the Vickers hardness
(HV10). The estimation of the specimens’ Young’s Modulus was made by ultrasonic method
(Olympus 38 DL, Tokyo, Japan). It was used with a pulse generator/receiver, recording the transit
time (outward/return) through the thickness. This technique allowed the determination of both the
longitudinal (VL) and transverse (VT) propagation velocities of acoustic waves. To correctly measure
the propagation velocities of these waves, the surface of samples must be properly grinded and
polished (to create samples with smooth and parallel surfaces) and the delay times of transducers
minimised by following an iterative measurement protocol. The Young’s Modulus was calculated
from the density (g/cm3), VL and VT [31]. Tensile tests were performed on a universal testing machine
Instron 5505 (Norwood, MA, USA) with a strain rate of 1 mm/min. Additionally, the same machine
was employed to carry out the flexural tests at 5 mm/min. Both properties were evaluated according
to the standards UNE EN 10002-1:2002 and UNE EN ISO3325 respectively.

3. Results and Discussion

The obtained results are presented and discussed considering the two main issues of this work:
(i) the influence of starting powder compositions (vol % of amorphous B) at identical processing
conditions; (ii) the effect of rising temperature (1000, 1100, 1200, and 1300 ◦C) for the same starting
powder mixture (5 vol % of amorphous B).

3.1. Microstructural Study and XRD Analysis

Firstly, taking into account the volume percentages (vol %) of the amorphous B particles added in
the blend, the microstructures of the specimens are compared. Figure 2 shows the SEM images of three
specimens fabricated at 1100 ◦C for 15 min and made from the mixtures of Ti and amorphous B with 0.9,
2.5, and 5 vol %, respectively. As it might be expected, precipitates are observed in the microstructure
of the specimens, since at this temperature (1100 ◦C) there have been reactions between the matrix
and the boron particles [10,32]. As many authors have previously described, these precipitates are
supposed to be in situ formed TiB [28,33] because of this reaction (see Figure 2). It is important to
highlight a clear evolution of the size and the volume of the precipitates related to the amorphous B
content (vol %). As predicted, the increment of the B content in the composites causes the appearance
of more boride precipitates. According to the phase diagram, alpha titanium plus TiB phases are
expected in these systems [34].

TiB precipitates can be appreciated presenting the typical morphology of whiskers [18,32,35–37].
In this study, two different morphologies of TiB precipitates have been considered through
an evaluation of the length/width ratio: whiskers and rounded hexagonal shapes (Figure 2).
The processing time is short (15 min) in hot press techniques. Therefore, the studied microstructures
revealed, besides high length/width ratio whiskers, also precipitates in which the aspect ratio was
close to 1.

The reinforcements with high aspect ratio (whiskers) can form anisotropically during higher
sintering temperature due to the high reaction speed of B particles and Ti [23]. All of the TiBW

precipitates are randomly distributed in the matrix.
To verify the composition of both types of precipitates, EDS analysis has been performed in the

marked spots in Figure 2b. Using 0.9 vol % of B particles, the size of the round precipitates is the
smallest one compared to the rest of the precipitates’ size formed in TMCs, with B contents of 2.5
and 5 vol %. It is observed that increasing the content of B, the size of the precipitates also increased.
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The whiskers’ lengths remain generally constant although the widths increase slightly by increasing
the B content. Moreover, the round hexagonal precipitates become larger. In Figure 2c, there are some
darker grey areas where the B particles are believed to remain in the titanium matrix without reacting.

 

Figure 2. Scanning electron microscope (SEM) images of TMCs manufactured at 1100 ◦C with different
content of amorphous B in their starting powders: (a) 0.9 vol %; (b) 2.5 vol %; and (c) 5 vol %; (b1) EDS
spectra spot (1); (b2) EDS spectra spot (2); and (b3) EDS spectra spot (3).

The second target parameter of the study is the processing temperature for specimens fabricated
from identical starting powder (5 vol % of amorphous B). There are relevant changes in the
microstructures of the composites caused by increasing the consolidation temperature from 1000
to 1300 ◦C. This phenomenon can be observed in Figure 3. The lower the temperature, the fewer the
number of formed precipitates. Titanium grains can be clearly recognised (see spot 2 in Figure 3a).
Additionally, there are possible agglomerations of the reinforcing phases located in these grain
boundaries. Regarding the reaction between Ti and B at 1000 ◦C, the time (15 min) and operational
temperature are insufficient to promote an atomic diffusion phenomenon of boron into the matrix
grains. EDS analysis reveals grey areas corresponding to such B particles agglomeration (see in
Figure 3). However, only one increment of 100 ◦C (from 1000 to 1100 ◦C) causes the origin of TiB
precipitates in the matrix with the two different morphologies previously mentioned. When the
operational temperature rises from 1100 to 1200 ◦C, the size of the round hexagonal shapes becomes
bigger (see Figure 3b,c). In relation to the whisker morphology, the changes caused by the increment
of the temperature are more easily appreciated in their thickness than in their length.

The tendency to thicken the size of the precipitates remains constant up to 1200 ◦C. Comparing the
microstructure of Figure 3c,d, variations in size of the precipitates are not visible. In both SEM images
(TMCs fabricated at 1200 and 1300 ◦C) the thickness of the whiskers, 1.06 and 1.26 μm, respectively, are
larger than the ones formed at 1100 ◦C, 0.92 μm. The size of the round hexagonal precipitates, 1.51 μm
at 1200 ◦C and 1.67 μm at 1300 ◦C, is a little bigger than in TMCs processed at 1100 ◦C, 1.24 μm.
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Figure 3. SEM images of TMCs made from starting powder with 5 vol % of amorphous B and
manufactured at: (a) 1000 ◦C; (b) 1100 ◦C; (c) 1200 ◦C; and (d) 1300 ◦C. (a1) EDS spectra spot (1),
(a2) EDS spectra spot (2).

To go into detail about precipitates, a semi-quantitative study of both types of precipitates
(whiskers and round shapes), considering their size and frequency/image, were developed by image
analysis (using ten SEM images at the same magnifications for each specimen). It is important to
note that, in the specimens where their precipitates are located at the grain boundaries, this image
analysis could not be carried out. The main parameters evaluated after the image analysis are:
(i) mean length and mean width of the whiskers; (ii) maximum length and maximum width of the
whiskers; and (iii) mean and maximum diameter for the round shapes precipitates. The results of the
measurements are represented in Figure 4.

In general, there are more whisker precipitates than round shapes, independent of the composite
compositions and processing temperature.

Concerning the dimensions of the whisker precipitates, the increase of the temperature and the
boron content in the starting blend involves an increase of both mean values (length and width).
Figure 4c shows a gradual growth in whisker size at higher temperatures and at higher volumes of
boron. Each increment of 100 ◦C drives the growth of whisker mean length size by approximately
15% at the same composite composition. However, the effect of the processing temperature and the
boron addition is not the same in the maximum length and width of the whiskers. Despite increasing
both temperature and composition, a dimensional limit around 26 μm exists in their maximum length.
This means that there are not whiskers measured with length higher than 26 μm independently of
these two factors. Regarding the maximum width, affected only by temperature, maintains a value of
around 0.12 μm across different compositions.

With respect to the round-shaped precipitates (Figure 4d), the higher the temperature and
the volume of boron content are, the higher mean and maximum diameters of the precipitates.
An increment of 100 ◦C, from 1100 to 1200 ◦C, produces a 21% increase to the mean diameters
of these precipitates.

Related to the manufacturing processes, iHP and dHP, similar microstructures of composites were
observed in specimens from the same starting powder in spite of their different fabrication methods.
This means that at the same processing conditions (1000 ◦C for 15 min) but in different hot pressing
machines, the microstructural properties are alike (see Figure 5). It could therefore be argued that the
results obtained could be reproduced using either machine. At 1000 ◦C, there is insufficient diffusion
time and temperature to end the boron source to form TiB.
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The phenomenon of the agglomeration of B particles at the grain boundaries and inhomogeneous
microstructure was observed in both composites.

Figure 4. (a) Whisker frequency; (b) Round shape precipitate frequency vs. Boron content; (c) Whiskers
size; and (d) Round shape precipitate size vs. Boron content.

 

Figure 5. SEM images of TMCs made from starting powder with 5 vol % of amorphous B at 1000 ◦C
for 15 min via (a) iHP; (b) dHP.

The results of XRD analyses confirm the TiB formation as a product of the reaction between the
matrix and the B particles. Figures 6 and 7 show the XRD patterns of the composites made from
several starting powders (vol % of B) and processing at different temperatures, respectively. In general,
no recordable peaks of TiB2 are observed in all of the XRD patterns. Comparing the effect of the starting
powder compositions, the lower the B content is, the lower the observed peak of TiB is (see Figure 6a).
However, at the same operational conditions, increasing the vol % of B to 5%, there are sharper peaks
for TiB phase (see in Figure 6c). The influence of temperature on the formation of the TiB phase is quite
clear as shown by the XRD patterns in Figure 7. It is well known that, by increasing temperature, the
reaction between Ti and B tends to be more complete. This can be seen clearly in Figure 7. XRD peaks
of TiB in composite produced at 1000 ◦C are slightly weaker than the ones in the pattern of composite
produced at 1100 ◦C. Moreover, there are two new weak peaks corresponding to the TiB phase when
the temperature increases from 1100 to 1200 ◦C.

However, there is very little variation in the pattern of composites processed at 1300 ◦C compared
to specimens produced at 1200 ◦C. The reason is related to the diffusion phenomena in both cases
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being high enough (at 1200 and 1300 ◦C). At these high temperatures, the content of TiB could be
higher if the time were to be increased.

Figure 6. XRD patterns of composites manufacture at 1100 ◦C for 15 min via iHP with different
% volume of B: (a) 0.9 vol %; (b) 2.5 vol %; and (c) 5 vol %.

Figure 7. XRD patterns of composites manufacture with 5 vol % of B for 15 min via iHP at different
temperatures: (a) 1000 ◦C; (b) 1100 ◦C; (c) 1200 ◦C; and (d) 1300 ◦C.

The semi-quantitative analyses, made by the Reference Intensity Ratio (RIR) method, allowed for
the determination of TiB fractions (see Figure 8). The calculated values of TiB (vol %) are lower than
the theoretical values of in situ formed TiB (considering full reaction between the matrix and the B
particles). The incomplete reaction between the Ti and B could be the responsible of such differences.

 

Figure 8. Volume percentage of TiB formed by full reaction Ti-B vs. volume percentage of Boron added
as starting material.
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The higher the B content, the greater the differences are between the in situ formed TiB at 1100 ◦C
and the TiB content calculated theoretically. Increasing the temperature from 1000 to 1100 ◦C leads to a
slight increase of the amount of TiB formed. However, when the temperatures reach 1200 and 1300 ◦C
there are fewer differences between the in situ formed TiB and the theoretical one.

3.2. Density, Hardness, Young’s Modulus, and Mechanical Properties

In general, the relative density of the TMCs reach values of 98% (Table 3). There is an improving
effect in the densification resulting from the increase of the processing temperature. Furthermore, the
density was affected by the TMCs composition; the higher the content of reinforcements the higher
the densification.

Table 3. Densification values of processed TMCs.

Specimen Temperature (◦C) Densification (%)

Ti + 0.9 vol % 1100 96.61
Ti + 2.5 vol % 1100 98.10
Ti + 5 vol % 1000 98.42

Ti + 5 vol % (dHP) 1000 98.73
Ti + 5 vol % 1100 98.46
Ti + 5 vol % 1200 98.91
Ti + 5 vol % 1300 99.35

The hardening and stiffening effects induced by the TiB precipitates, in addition to the grain
refinement due to the reinforcement content, are two phenomena described by previous authors [7,32].
Hardening induced by TiB precipitates and a slight grain refinement are observed in the in situ TMCs
fabricated from the three powder mixtures (0.9%, 2.5%, and 5% volume of boron) and at different
temperatures (1000, 1100, 1200, and 1300 ◦C). On one hand, as shown in Figure 9a, the higher the B
content the higher the hardness and the Young’s Modulus. The hardness increases by 5% from 0.9 to
2.5 vol % B content and by 32% from 0.9 to 5 vol %. This is closely related to the in situ formed TiB as
shown in Figure 8. Clearly, the content of the reinforcement particles and secondary phases contribute
to the hardening effect. The tendency of the Young’s Modulus to increase is less pronounced than the
hardness’ trend with values of 5% and 18% respectively (see in Figure 9a).
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Figure 9. (a) Hardness and Young’s Modulus vs. volume percentage of Boron (vol %), (b) Hardness
and Young’s Modulus vs. operational temperatures.

On the other hand, increasing the temperature also promotes the variations in the hardness and
Young’ Modulus due to the number of precipitates. In this case, the increase of the temperature
more greatly affects the enhancement of the Young’s Modulus than the hardness of the specimens.
In general, the values of hardness remain around 300 HV while the Young’s modulus values present
increases related to the specimens processed at 1000 ◦C; 4%, 10%, and 25% for 1100, 1200, and 1300 ◦C,
respectively (see Figure 9b). Even though the microstructure seems similar in specimens produced at
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1200 and 1300 ◦C, the increase of stiffness could be the result of ongoing reactions in the matrix and a
higher densification value for the one produced at 1300 ◦C.

To study the specimen’s microstructure and its mechanical behaviour, the composite produced
from the powder mixture with 5% of volume percentage of boron and hot pressed at 1000 ◦C was
also fabricated via dHP to carry out tensile and bending tests. Table 4 shows a summary of the tensile
properties tested at room temperature and at 250 ◦C; as ultimate tensile stress (σUTS), as well as the
deformation (ε). Additionally, the flexural behaviour of this kind of composite is also presented
(ultimate bending strength, σUBS, and deformation, ε).

Table 4. Mechanical properties of in situ TMCs produced at 1000 ◦C with 5 vol % of Boron.

Material Tensile Properties Bending Properties

Ti + 5 vol % of B

Room temperature 250 ◦C Room temperature

σUTS (MPa) ε (%) σUTS (MPa) ε (%) σUBS (MPa) ε (%)

780 1.94 533 6.18 1454.38 3.44

With respect to the tensile properties measured at room temperature, there is an increase in the
σUTS (MPa) due to the boron addition (values are compared to the σUTS of pure Ti grade 1, from 240 to
345 MPa [38,39]. However, the ductility behaviour is significantly lower compared to the reference
values of pure Ti grade 1 (20%). The distribution of the reinforcement in the matrix and the in situ
formed TiB increases the strength of the material. The location of the reinforcement of some particles
around the matrix grains blocks the dislocation motion promoting the embrittlement of the matrix
and improving the strength of the material. When the tensile test is carried out at 250 ◦C, there is an
increase in the percentage of the maximum deformation of the material. However, the σUTS measured
at this temperature shows a lower value than σUTS measured at room temperature. As expected,
the motion of the dislocation was encouraged by the increase of the temperature during the tensile test.
There is a considerable enhancement to the σUBS.

From the point of view of the microstructural behaviour, specimens in which the distribution
of precipitates is homogenous inside the matrix, better mechanical behaviour can be expected with
respect to density, hardness, and Young’s Modulus.

4. Conclusions

The following conclusions can be drawn:

- High densification composites are produced. The influence of the in situ formed TiB and
processing conditions on the material behaviour is verified.

- The microstructural study reveals changes in the composites depending on the operational
temperatures. In the range of 1000 to 1100 ◦C, the location of the precipitates and the boron
particles evolves from the grain boundaries into the matrix. Up to 1100 ◦C, two different
morphologies of TiB precipitates have been considered: whiskers and round hexagonal shapes.
Increasing the temperature promotes a gradual growth of the TiB phases. At the same composite
composition, the TiB precipitates remained relatively constant even if the temperature rose from
1200 to 1300 ◦C.

- Relating to the boron addition, variations of the sizes of these secondary phases were also
observed. Although the addition of more boron involved greater formation of precipitates,
the proportions between the boron content and the TiB formed were lower at the highest boron
content in the starting mixture. The formed TiB and the boron particles significantly contributed
to the hardening and stiffness effects. Increasing the temperature helped to increase the stiffness
of the composites more than its hardness.
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Abstract: Reduced graphene oxide (rGO) reinforced 7075 Al matrix composites were fabricated
by electrostatic self-assembly and powder metallurgy. 7075 Al powders were surface modified by
introducing a cetyl trimethyl ammonium bromide (CTAB) membrane on the surface, which was able
to form a strong bonding with graphene oxide (GO) through electrostatic interaction. During the
vacuum sintering process, CTAB was effectively removed and GO was thermally reduced into rGO.
Morphologies of GO nanosheets, GO/7075 Al powders, microstructures, and tensile fractographs of
the composites were observed. The effect of rGO content on mechanical properties of rGO/7075 Al
composites was investigated. The results show that a good bonding between rGO and matrix is
achieved. With the rGO content increasing, the hardness increases gradually, while the ultimate
tensile strength and yield strength initially increase and later decrease. The improvement in strength
of rGO/7075 Al composites was attributed to stress transfer and dislocation strengthening. With rGO
content reaching 0.50 wt %, the excessive addition of rGO gave rise to a weakening in the enhancement
of the tensile properties due to the increasing amounts of brittle Al4C3 and cracks.

Keywords: metal matrix composites; 7075 Al alloy; reduced graphene oxide; mechanical properties;
strengthening mechanism

1. Introduction

Today, aluminum matrix composites (AMCs) reinforced with nanoparticles, fibers, or whiskers
are in high demand due to their attractive characteristics, such as low density combined with high
strength, large matrix selectable range, various production processes, and considerable improvement
in mechanical properties after heat treatment [1,2]. Due to these desirable properties, AMCs are widely
applied as structural materials in many industries, such as automobiles, aerospace, as well as drill
pipe material used in extra-deep oil drilling [3–6]. Among aluminum alloys, 7000-series aluminum
alloys possess the highest strength-to-weight ratio, which makes them an attractive candidate for
reinforcement by a second phase to further improve their properties [7–9].

As the perfect layer structure of two-dimensional (2D) sp2-hybridized carbon atoms, graphene
has been extensively investigated in recent years due to its outstanding properties, such as high
Young’s modulus, high fracture strength, and excellent thermal conductivity [10–14]. Due to these
excellent mechanical properties and high specific surface area, graphene is expected to be an ideal
reinforcement phase interacting with aluminum matrix, even in a small concentration. However,
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the research on AMCs reinforced with graphene is still in its infancy because the dispersion method,
preparation technology, and harmful interface reaction have become the main problems that restrict its
development [15].

Powder metallurgy is widely used for the preparation of AMCs due to its low processing
temperature, which is beneficial for mitigating a harmful interface reaction. The uniform dispersion of
graphene has been regarded as the most important factor in order to achieve high strength. Ball milling
(BM) is normally carried out for the dispersion of graphene in aluminum. Wang et al. [16] have
fabricated aluminum composites reinforced with graphene nanosheets (GNS/Al composite) through
a feasible methodology based on flake powder metallurgy, and found that 0.30 wt % GNSs give rise
to 62% enhancement over pure Al. However, Bartolucci et al. [17] have investigated the mechanical
properties of 0.1 wt % GNSs/Al composite through BM followed by hot isostatic pressing and hot
extrusion, and obtained a remarkable decrease in tensile strength and elongation for 0.1 wt % GNS/Al
composite compared with pure Al. In addition, BM produces a great deal of heat that can easily cause
an explosion.

In this work, graphene oxide (GO) nanosheets, rather than graphene, are used as a raw material,
because many hydroxyl and epoxy groups existing on the surface of GO make it much easier to realize
the uniform adsorption of GO on 7075 Al powders free of BM via an electrostatic self-assembly [18].
The effect of electrostatic self-assembly process on achieving the uniform adsorption of GO on 7075 Al
powders is investigated in detail. In this process, CTAB is used to introduce a cationic membrane on
the surface of 7075 Al powders, which ensures a strong bonding between CTAB-modified 7075 Al
powder and GO with a negative charge. The in situ removal of CTAB and the reduction of GO are
achieved during the sintering process. Furthermore, the influences of reduced graphene (rGO) on
hardness and tensile properties of the composites are investigated. The strengthening mechanisms of
rGO reinforcing 7075 Al are elaboratedd.

2. Experimental Procedures

2.1. Research Materials

Graphite oxide having particle size of 5 μm with 99% purity was provided by Hengqiu Graphene
Technology Co. Ltd., Suzhou, China. CTAB obtained from Shandong West Asia Chemical Industry Co.
Ltd., Jinan, China was in powder form with an ignited residue content less than 0.1 wt %. As a starting
material, spherical 7075 Al powders (99% purity, ~9 μm) were supplied by Chaowei Nanotechnology
Co. Ltd., Shanghai, China. The nominal composition of the as-received 7075 Al powder in this
investigation is listed in Table 1.

Table 1. The chemical composition of the as-received 7075 Al powder.

Elements Zn Mg Cu Fe Si Mn Others Al

(wt %) 5.720 2.310 1.560 0.092 0.087 0.080 0.050 bal.

2.2. Composites Preparation

Figure 1 elaborates the fabrication procedure of the rGO/7075 Al composites used in this
investigation. Four principle steps are involved in the fabrication process:

(1) Preparation of GO aqueous dispersion: To strip the as-received graphite oxides into GO
nanaosheets with several-layers structure, the graphite oxide was added into deionized water and
then ultrasonicated for 2 h to obtain a brown dispersion with no residual sediment. A 1 mg/mL
GO aqueous dispersion was finally prepared. Figure 2 displays an AFM image of GO nanosheets
obtained from the GO aqueous dispersion. As can be seen, the thickness of the GO nanosheets
was ~5 nm. Considering the thickness of monolayer GO nanosheets was ~1 nm due to the
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attachment of oxygen functionalities [19], the GO nanosheets used in this investigation were no
more than five layers.

(2) Modifying 7075 Al powders with CTAB: 50 g 7075 Al powders and 300 mL CTAB aqueous
solution (0.8 wt %) were magnetically stirred for 2 h, filtered, and then rinsed with deionized
water to obtain the CTAB-modified 7075 Al powders.

(3) Adsorption of GO onto the 7075 Al powders: A powder slurry was prepared through adding
CTAB-modified 7075 Al powders (~50 g) into deionized water. The GO aqueous dispersion
was added drop by drop. The mixed slurry was magnetically stirred until the color changed to
transparent, and was then filtered and rinsed to obtain the composite powders. The composite
powders were finally vacuum dried at 70 ◦C for 8 h.

(4) CTAB removal and rGO/7075 Al composites fabrication. No particular heating treatment was
used to remove the CTAB and reduce the GO, because the sintering temperature (560 ◦C) was
high enough to achieve the purpose. The green billets (30 mm in diameter and 40 mm in height)
were prepared through compacting the composite powders under 140 MPa at room temperature.
Subsequently, the green billets were heated in a vacuum furnace at 560 ◦C for 2 h, followed by
hot pressing under 70 MPa for 10 min to ensure the density. After that, slabs with cross-sections
12 mm in width and 4 mm in thickness were obtained by hot extrusion at 450 ◦C. The extrusion
ratio and ram speed used in present study were 14.7 and 1 mm/s, respectively. Subsequently,
the slabs were solution-treated in a resistance furnace at 470 ◦C for 2 h, followed by water
quenched, and then aged at 120 ◦C for 24 h. The contents of rGO in the composites were 0.15,
0.30, and 0.50 wt %, respectively. For comparison, a 7075 Al sample was also prepared using the
same method without adding GO.

graphite oxide 

ultrasonicating

GO suspension

7075 Al powder CTAB-modified 
7075 Al

composite powder rGO/7075 Al

CTAB modification

GO adsorbing

magnetic stirring magnetic stirring
vacuum sintering 
& hot extrusion

CTAB removal & 
GO reduction

1

2 3 4
Figure 1. Fabrication procedures for rGO/7075 Al composites.

Figure 2. AFM image of the GO nanosheets and depth profile of the line on the GO nanosheets.
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2.3. Mechanical Properties and Density Measurements

The specimens were prepared in accordance with ASTM Standard E-8/E8M-09 [20] parallel to
the extrusion direction with a 10 mm gauge length. The tensile test was performed after polishing the
samples in air at room temperature using an electronic universal test machine (DDL 100, CIMACH,
Changchun, China) operated at a constant crosshead speed with an initial strain rate of 5 × 10−4 s−1.
At least three samples for each composite were measured to ensure the accuracy. The hardness of the
composites and 7075 Al samples were tested by a microhardness tester (1600-5122VD Microment 5104,
Buehler Ltd., Chicago, IL, USA) under an applied load of 100 g for 15 s. At least seven measurements
were performed for each condition to ensure the accuracy of the results. The relative density of the as
extruded composites and 7075 Al samples was measured by Archimedes’ principle.

2.4. Microstructure Characterizations

The microstructures were characterized by a scanning electron microscopy (SEM; S-4800,
Hitachi Ltd., Tokyo, Japan). Fourier transform infrared spectroscopy (FTIR; Thermal Scientific
Nicolet iS10, Nicolet Ltd., Madison, WI, USA) was used to identify functional groups in GO,
CTAB-modified 7075 Al powders, and composite powders. Thermal analysis was carried out using a
simultaneous thermal analyzer (STA 499C, Netzsch Ltd., Bavaria, Germany) to analyze the thermal
reduction of GO and CTAB removal during sintering process. The microstructures of rGO/7075 Al
composites were characterized by optical microscopy (OM; Carl Zeiss–Axio Imager A2m, Gottingen,
Germany) and transmission electron microscopy (TEM; JEOL-2000EX, Tokyo, Japan). The phase
constituents of rGO/7075 Al composites were identified by X-ray diffraction (XRD; D/Max 2500PC,
Rigaku Ltd., Tokyo, Japan) using Cu Kα radiation in step mode from 20◦ to 80◦ with a scanning speed
of 5◦/min.

3. Results

3.1. Improvement in Adsorption Uniformity of GOs by CTAB Modification

The significant effect of CTAB on improving the dispersion uniformity of GO can be proven by
comparing the mixture of GO and 7075 Al with and without CTAB modification. Figure 3 shows
the mixture of the GO suspension with the unmodified 7075 Al and the CTAB-modified 7075 Al
slurry after magnetic stirring. For the mixture of GO with unmodified 7075 Al, the upper layer of the
mixture remains brown, indicating that most of the GO was not absorbed onto the 7075 Al surface
and was still in the suspension. Some brown flocs lie on the surface of unmodified 7075 Al slurry,
indicating the agglomeration of GO. By contrast, the upper layer of the GO and CTAB-modified 7075
Al mixture is nearly transparent, suggesting that most of the GO in the mixture was absorbed onto the
7075 Al surface.

Umodified 7075 Al 
 CTAB-Umodified 

7075 Al 

 
Figure 3. The image of mixture after 7075 Al powders absorbing GO.
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The FTIR spectrum displays the difference of CTAB-modified 7075 Al powder and unmodified
7075 Al powder in terms of surface structure. As shown in Figure 4, the FTIR spectrum of the
CTAB-modified 7075 Al powder shows many additional bands compared to that of unmodified
7075 Al powder. The band at 1000 cm−1 is caused by the C-N stretch vibration, a characteristic of
CTAB. The band at 1471 cm−1 conveys the message that CTA+ cations are in a liquid-like molecular
environment where the alkyl chain of CTA+ rotates freely around its long axis [21]. The strong
absorption bands at 2918 cm−1 and 2849 cm−1 correspond to the C-H symmetrical and asymmetrical
stretch vibrations of methyl and methylene, respectively [22]. The FTIR analysis confirms that the
7075 Al surface was coated with the CTAB membrane.
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Figure 4. FTIR spectrum of unmodified and CTAB-modified 7075 Al powders.

Typical SEM images of the composite powders are given in Figure 5. For the unmodified 7075 Al
powders (Figure 5a), a large area is observed with no adsorption of GO. On the other hand, the severe
GO clustering is found on the edge of the powder, indicating an unacceptable dispersion uniformity of
GO without CTAB modification. Figure 5b shows the uniform adsorption achieved by CTAB-modified
7075 Al powders. It can be seen that many wrinkles are distributed on the surface of 7075 Al powder
and many wrappings of GO are found dispersed at the edge, and no obvious agglomeration of the GO
is observed between the particles, indicating a uniform dispersion of GO on the 7075 Al surface.

no adsorption

wrinkles

warpings

 

Figure 5. The SEM images of the composite powders: (a) GO clustering in unmodified 7075 Al powders;
and (b) uniform adsorption of GO achieved by CTAB modification.
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3.2. Removal of CTAB and Thermal Reduction of GO during Sintering Process

In order to study the CTAB removal and the GO reduction during sintering process, TGA was
used to analyze the thermal stability of CTAB and GO up to 560 ◦C, with a heating rate of 10 ◦C/min.
As shown in Figure 6a, CTAB shows little mass loss before 200 ◦C, revealing a favorable thermal
stability of CTAB at low temperature. The curve displays a significant mass loss at ~90% from 200 ◦C to
350 ◦C, attributed to the CTAB pyrolysis. In the last stage, the curve displays a stable mass remaining
at ~10%, indicating the end of CTAB pyrolysis. The remaining mass could be the residual carbon.
The mass remaining curve of GO presented in Figure 6b also displays three discrete stages. Firstly,
a slight mass loss (~10%) occurs up to 150 ◦C. In the second stage, an additional significant mass loss
(~32%) occurs up to 260 ◦C. Finally, an 8% mass loss can be observed up to 560 ◦C.

(a) (b)

Figure 6. Thermogravimetric analysis (TGA) of (a) CTAB and (b) GO from 20 ◦C to 560 ◦C at the
heating speed of 10 ◦C/min.

The XRD patterns (Figure 7a) show the difference for composite powders before and after vacuum
heating. For the composite powders before heating, apart from the four peaks corresponding to
Al (PDF#65-2869), three peaks corresponding to CTAB in the composite powder are observed at
21.48◦, 22.51◦, and 24.51◦ (PDF#48-2454). Meanwhile, no obvious peak corresponding to GO is
observed, which might result from the low content of GO. For the composite powders after heating,
only four Al peaks are observed from the XRD pattern, while CTAB peaks have all vanished, revealing
the removal of CTAB. Figure 7b also shows a typical FTIR spectra of GO before and after heating.
For the FTIR spectra of GO before heating, there is a broad and intense band of O–H stretching
vibration at 3418 cm−1, as well as the bands of C=O, C–O–C stretching vibration at 1722 cm−1 and
1052 cm−1. There is also a band of O–H deformation vibration at 1395 cm−1 [16]. After vacuum heating,
the O–H band of the stretching vibration and the C–O–C band shift to 3441 cm−1 and 1096 cm−1,
respectively, and the breadth and intensity fall dramatically. Moreover, the C=O stretching vibration
band also disappears.

Figure 7. (a) XRD patterns for the composite powders before and after heating; and (b) FTIR spectra of
GO and rGO after thermal reduction.
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3.3. Microstructure

The representative OM images for the ND-TD surface of rGO/7075 Al composites are shown in
Figure 8. The microstructure shows a typical fibrous structure attributed to the hot extrusion. Due to
this microstructure, it is very difficult to make a quantitative measurement on grain size. In order to
determine the phase composition of the composites, the X-ray diffraction was performed. The XRD
patterns for 7075 Al and rGO/7075 Al composites are given in Figure 9. According to the XRD
results, major aluminum peaks are observed at 38.47◦ (1 1 1), 44.71◦ (2 0 0), 65.09◦ (2 2 0), and 78.22◦

(3 1 1) (PDF#65-2869). A MgZn2 (2 0 0) peak at 40.17◦ (PDF#65-3578) and an AlCu (−7 1 2) peak at
58.11◦ (PDF#26-0016) are also observed. These second phases in the aluminum matrix were mainly
precipitated in the process of aging treatment and benefitted to improve the mechanical properties of
7075 Al alloys through precipitation strengthening mechanism [23]. Based on the XRD patterns and
Scherrer’s equation [24], the average crystal size of 7075 Al, 0.15, 0.30, and 0.50 wt % rGO/7075 Al
composites are 91.3 nm, 64.7 nm, 51.3 nm and 46.0 nm respectively. No aluminum carbide (Al4C3)
peak or graphene peak is found in the XRD patterns, different from the detection results obtained by
Rashad et al. [15] and Li et al. [25]. However, it cannot be concluded that no Al4C3 phase was formed
during the sintering process, since the rGO content (up to 0.5 wt %) is probably beyond the detection
limit of XRD. As the interfacial phase (Al4C3) and the bonding condition between rGO and matrix are
very significant to the mechanical properties of composites, it is necessary to analyze the rGO/7075 Al
composites by TEM.

50 m

50 m

50 m

50 m

TD

ND

TD

ND

TD

ND

TD

ND  

Figure 8. OM images of ND-TD surface for (a) 7075 Al; (b) 0.15 wt % rGO/7075 Al; (c) 0.30 wt %
rGO/7075; and (d) 0.50 wt % rGO/7075.
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Figure 9. XRD patterns for 7075 Al alloys without and with different contents of rGO addition.

TEM morphology of the 0.30 rGO/7075 Al composite is shown in Figure 10. As shown by the
white arrows, several wrinkled edges are observed as a typical feature of rGO, indicating that the
rGO was not destroyed by thermal reduction. It can also be concluded that a good exfoliation of GO
occurred through sonication. For the bonding condition, rGO is closely embedded in the Al grain
boundary free from defects, porosity, or impurities. Although no Al4C3 phase is detected via X-ray
diffraction (Figure 9), some black interfacial products (as shown by white arrows) are found at the
interface. These products are further identified as Al4C3 phase via selected area electron diffraction
(SAED) analysis, which is in agreement with the result obtained by Li et al. [25]. The TEM result
reveals that the disappearance of Al4C3 phase in XRD patterns is due to the detection limit of the X-ray
diffraction equipment.

 

Figure 10. TEM image of 0.30 rGO/7075 Al composite.
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3.4. Mechanical Properties

The Vickers hardness results of 7075 Al and composites are presented in Figure 11a. As shown in
Figure 11a, the Vickers hardness value increases with the increasing rGO content. This improvement is
attributed to the uniformly distributed rGO provided to transfer load from the 7075 Al matrix and
restrains the dislocation movement during indentations. On the other hand, the density of composites
also plays a vital role in affecting their hardness. Table 2 shows the density and the relative density
of 7075 Al and composites. All composites display a high relative density at ~99.40%, though with
rGO addition the relative density of composites slightly decreases. This phenomenon indicates that
an outstanding densification is achieved through sintering and extrusion. Compared to the density,
the reinforcement rGO plays a more important role in improving the hardness.
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Figure 11. The variation tendencies of (a) hardness and (b) yield strength, and the ultimate tensile
strength with rGO content.

Table 2. Densities of 7075 Al and rGO/7075 Al.

Materials Density (g·cm−3) Theoretical Density (g·cm−3) Relative Density (%)

7075 Al 2.7863 2.8000 99.51
0.15 rGO/7075 Al 2.7830 2.7989 99.43
0.30 rGO/7075 Al 2.7823 2.7979 99.44
0.50 rGO/7075 Al 2.7795 2.7966 99.39

The tensile properties of composites with different addition contents of rGO are presented in
Table 3. As shown in Table 3, rGO exhibits a significant effect on the tensile properties of 7075 Al alloys.
Compared with 7075 Al having 452 MPa tensile strength, 333 MPa yield strength, the composites all
show higher tensile properties. Figure 11b displays the variation tendencies of yield strength and
ultimate tensile strength with increasing rGO content. The yield strength and the ultimate tensile
strength both display an increase followed by a decrease, and reach the peak value at 385 MPa and
505 MPa, respectively, with 0.30 wt % rGO addition. Compared with 7075 Al, the yield strength
and ultimate tensile strength are increased by 15.6% and 11.7%. For the elongation, the composites
experience a decrease in elongation with rGO content increasing.

Table 3. Tensile properties of 7075 Al and rGO/7075 Al composites.

Materials Yield Strength (MPa) UTS (MPa) Elongation

7075 Al 333+5
−3 452+7

−5 13.5+0.5
−0.7

0.15 rGO/7075 Al 369+1
−1 484+2

−2 11.8+0.2
−0.2

0.30 rGO/7075 Al 385+2
−2 505+3

−3 10.7+0.5
−0.7

0.50 rGO/7075 Al 359+4
−3 468+6

−9 8.0+0.4
−0.8
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4. Discussion

The significant difference in the dispersion uniformity of GO between the unmodified 7075 Al
powder and the CTAB-modified 7075 Al powder reveals the critical effect of CTAB modification on
improving the absorption uniformity of GO. The FTIR spectrum for GO (Figure 7b) reveals that GO
is fabricated with large amounts of hydrophilic oxygen-containing groups, such as –OH, –COOH,
and –C=O, endowing the GO with hydrophilic surface property, are very similar to the –COOH
functionalized carbon nanotubes [26]. However, due to the naturally-formed alumina film, 7075 Al
powder is identified as hydrophobic [26]. The contradictory water wettability determines that the GO
can hardly form a homogeneous distribution with the unmodified 7075 Al powders through stirring.

CTAB is a water soluble cationic surfactant that shows good coordination with anionic and
amphoteric surfactants [27]. The FTIR spectrum for CTAB-modified 7075 Al powder (Figure 4) reveals
that a considerable number of positive charges (CTA+) were introduced on the surface of 7075 Al
powder. The CTAB modification leads to the formation of a thin cationic membrane due to its
hydrophobic long carbon chains and electropositive polar groups. The compatible water wettability of
alumina film plays a key role in absorbing the long carbon chains through van der Waals force to form
a stable CTAB membrane [18]. The CTAB membrane also introduces a large number of positive charges
onto the surface of the 7075 Al powder. Due to the negative charged nature, GO tends to absorb onto
the cationic CTAB membrane through electrostatic attraction and, thus, a uniform distribution of GO
in the CTAB-modified 7075 Al powders can be effectively achieved.

To achieve the removal of impurity (CTAB in this research) and the reduction of GO,
Wang et al. [16] and Jiang et al. [26] employed the extra thermal treatment. However, the TGA result
for CTAB (Figure 6a) shows a remarkable mass loss (~90%) up to 560 ◦C, indicating a complete
decomposition of CTAB during the sintering process, which can also be proven by the XRD patterns
for the composite powders before and after heating (Figure 7a). Meanwhile, the TGA result for
GO up to 560 ◦C (Figure 6b) displays the mass loss in three discrete stages. In accordance with the
analysis obtained by Tegou et al. [28], the mass loss (~10%) in the first stage is mainly caused by the
elimination of physisorbed and interlamellar water molecules. The significant mass loss (~32%) in
the second stage is primarily attributed to the thermal decomposition of covalently bonded oxygen.
Finally, in the last stage the mass loss (~8%) is caused by the removal of more stable oxygen-containing
functional groups. However, compared to the TGA results obtained by Tegou et al. [28], the 150 ◦C
decomposition temperature here is approximately 30 ◦C higher, while the ending temperature of
the second stage is 260 ◦C, 60 ◦C higher. The difference is probably due to the ambient atmosphere
adopted in literature [28], while the TGA in this investigation was carried out in vacuum atmosphere.
The FTIR spectrum (Figure 7b) also demonstrate the disappearance of the oxygen functional groups
on GO, suggesting the thermal reduction of GO into rGO during the sintering period.

The strengthening mechanisms of well dispersed rGO reinforcing rGO/7075 Al composites
are generally explained by grain refinement, stress transfer, and dislocation strengthening: as a
nano-reinforcement, rGO is expected to impede the grain coarsening during thermal processing,
resulting in higher mechanical properties [16]. Although the results of XRD spectra shows that the
average crystal size decreases with rGO content increasing, the OM images of rGO/7075 Al composites
and 7075 Al show little difference in grain size. According to the investigation of Li et al. [25], the effect
of grain refinement is negligible due to the hot-pressed sintering, which employs a low temperature
avoiding 7075 Al changing into a liquid state. The enhancement of strength for composites is strongly
depended on the interfacial bonding between rGO and matrix. TEM results show a good interfacial
bonding condition obtained in this study. A good interfacial bonding condition allows the tensile stress
to transfer from matrix to reinforcements and create an interfacial shear stress [29]. The contribution of
yield strength increase for composites can be calculated from shear lag model [15]:

σSL = σm + fvσm

(
S
2

)
(1)
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where σSL is yield strength of composite calculated by shear stress model, fv is volume fraction of
rGO, σm is yield strength of Al matrix, and S is aspect ratio of rGO. The wrinkles on the rGO surface
were also reported to be beneficial to the formation of the mechanical bond between rGO and the pure
Al matrix [30].

Orowan looping is an important model related to dislocation strengthening. The addition of rGO
contributes to the strengthening through restricting dislocation movements. A uniform dispersion of
rGO could offer a large number of nano-particles to take part in this strengthening mechanism [25].
Plastic deformation leads to form residual dislocation loops around rGO and these loops produce
back stress restricting dislocation movement and, thus, increasing the strength [15]. On the other
hand, the significant mismatch in coefficient of thermal expansion (CTE) between rGO and the
7075 Al matrix (CTErGO = 0.9 × 10−6K−1, CTE7075 Al = 23.6 × 10−6K−1) can form a large number of
dislocations at the interface. Dislocation density is determined by the surface area of reinforcement.
Smaller reinforcement particles lead to a higher dislocation density which results in the strengthening
of the composites [31]. Due to its unique two-dimensional structure, rGO is known for its very large
surface area (theoretically as much as 2630 m2/g) [32]. Therefore, rGO is able to contribute to a
rather high dislocation density. The yield strength of composites σc can be calculated by the following
equation [33]:

σc = (1 + 0.5 fv)(σm + ΔσCTE + ΔσO +
ΔσOΔσCTE

σm
) (2)

where:

ΔσO =
0.13Gb

dp[(
1

2 fv
)

1
3 − 1]

ln (
dp

2b
) (3)

ΔσCTE = 1.25Gb

√
12ΔTΔC fv

bdp
(4)

where G is the shear modulus of the 7075 Al matrix, b is the Burgers vector of matrix (0.286 nm for
7075 Al), ΔT is the difference between the processing temperature and the testing temperature, ΔC is
the difference in CTE between the matrix and rGO, fv is the volume fraction of rGO, and dp is the
mean particle size of rGO.

Figure 12 displays the comparison of yield strength obtained from different models and the
present study. The experimental data matches closely with the theoretical prediction by the Orowan
strengthening mechanism, indicating that the Orowan strengthening mechanism is predominant in
the rGO/7075 Al composites. Uniform dispersion of rGO in the matrix restricts the dislocation motion
in the matrix and leads to high dislocation density at the rGO/7075 Al interface [31]. Higher surface
area and smaller particle size of rGO will lead to higher dislocation density.

However, it is worth noting that the excessive addition of rGO (0.50 wt %) gives rise to a weakening
in the enhancement of the tensile properties compared with 0.30 rGO/Al composite, which is different
from the prediction by Orowan strengthening mechanism. The decrease in tensile properties might be
caused by the formation of Al4C3 in the composites, an interfacial product between the rGO and Al
matrix formed at high sintering temperature via the following reaction:

4Al(s) + 3C(s) → Al4C3 (5)

Moreover, Koratkar et al. [17] reported that wrinkles and folds on the surface of rGO provide
massive defect sites, which could become reaction sites for the Al4C3 formation. Al4C3 is known as
a brittle phase having harmful effects on tensile properties of composites [25]. Thus, the increasing
amount of Al4C3 is likely to be the primary factor leading to the weakening in the enhancement of
tensile properties for 0.50 rGO/7075 Al.

The fracture morphology of 7075 Al and composites is presented in Figure 13. A large number of
dimples and transgranular fracture surfaces are observed in 7075 Al and all composites, indicating the
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ductile failure. For the composites with different contents of rGO addition, the pull-out rGO is found
at the edge of dimples. Meanwhile the amount of dimples decreases with increasing rGO content,
leading to the decrease in elongation. Apart from the pull-out rGO, cracks are detected on the fracture
surface of 0.30 rGO/7075 Al and 0.50 rGO/7075 Al, and the number of cracks increases with increasing
rGO content from 0.30 to 0.50 wt %. At the edge of the cracks, some pull-out rGO is also observed.
This phenomenon might result from the weak bonding force of the few-layered rGO used in this study
(see AFM in Figure 2). The cracks are most likely to originate at the interlayer of rGO and propagate
along the tensile direction [18]. Therefore, the increasing rGO content also leads to an increase in cracks,
having a negative effect on the tensile properties and elongation. When the rGO content reaches a
critical value, the negative effect of cracks becomes predominant and causes the tensile properties of
composites to decline. It is anticipated, with further increasing rGO content (larger than 0.50 wt %),
that the excess rGO will give rise to a lower tensile strength even in comparison to 7075 Al.

Figure 12. Comparison of yield strength calculated by different models and experimental data.

a b

c d

5 μm5 μm

5 μm5 μm

 

Figure 13. Tensile fracture morphologies of (a) 7075 Al; (b) 0.15 rGO/7075 Al; (c) 0.30 rGO/7075 Al;
and (d) 0.50 rGO/7075 Al.

5. Conclusions

We have fabricated 7075 Al matrix nanocomposites based on powder metallurgy and electrostatic
self-assembly processes. The effect of rGO content on the mechanical properties of rGO/7075 Al
composites were studied. The results are summarized as follows:
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(1) The significant improvement in the adsorption uniformity of GO is attributed to the formation
of the cationic CTAB membrane on 7075 Al powders. Due to the negatively-charged nature,
GO tends to absorb onto the cationic CTAB membrane through electrostatic attraction and, thus,
a uniform distribution of GO in the CTAB-modified 7075 Al powders is effectively achieved.

(2) During the sintering process, CTAB is effectively removed before 350 ◦C so that it would have
little negative effect on the mechanical properties of composites. On the other hand, the thermal
reduction of GO is demonstrated by the results of TGA and FTIR.

(3) The Vickers hardness of rGO/7075 Al composites increases with the increase in rGO content.
rGO has a significant effect on the tensile properties of 7075 Al alloys. Compared with 7075 Al,
the composites all show higher tensile properties. The yield strength and the ultimate tensile
strength both reach the peak values for rGO/7075 Al composite with 0.30 wt % rGO addition.
The yield strength and ultimate tensile strength of 0.30 rGO/7075 Al are increased by 15.6%
and 11.7% compared with 7075 Al. The improvement in strength of rGO/7075 Al composites is
attributed to stress transfer and dislocation strengthening. With rGO content reaching 0.50 wt %,
however, the excessive addition of rGO gives rise to a weakening in the enhancement of the
tensile properties compared with 0.30 rGO/Al composite, due to the increasing amounts of brittle
Al4C3 and cracks.
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Abstract: In this research, copper nanocomposites reinforced by graphene nanoplatelets (GNPs) were
fabricated using a wet mixing method followed by a classical powder metallurgy route. In order to
find the best dispersion technique, ball milling and wet mixing were chosen. Qualitative evaluation of
the structure of the graphene after mixing indicated that the wet mixing is an appropriate technique to
disperse the GNPs. Thereafter, the influence of graphene content on microstructure, density, hardness,
elastic modulus, and thermal expansion coefficient of composites was investigated. It was shown
that by increasing the graphene content the aggregation of graphene is more obvious and, thus, these
agglomerates affect the final properties adversely. In comparison with the unreinforced Cu, Cu–GNP
composites were lighter, and their hardness and Young’s modulus were higher as a consequence of
graphene addition. According to the microstructural observation of pure copper and its composites
after sintering, it was concluded that grain refinement is the main mechanism of strengthening in
this research. Apart from the mechanical characteristics, the coefficient of thermal expansion of
composites decreased remarkably and the combination of this feature with appropriate mechanical
properties can make them a promising candidate for use in electronic packaging applications.

Keywords: metal matrix nanocomposite; copper; graphene; dispersion; powder metallurgy;
thermal expansion coefficient; thermal conductivity; electrical resistance

1. Introduction

Nowadays, Metal Matrix Nanocomposites (MMNCs) are materials which are used extensively
in different applications such as automotive, aerospace, and electronic packaging industries [1–4].
For instance, consider the field of electronic packaging: with the progress of technology and the
corresponding increase in the performance of electronic devices, the devices release more heat,
and thermal considerations in the design and material selection thus become seriously important
factors [5]. Indeed, the functioning and useful life of packaged electronic assembly depend seriously
on advanced electronic packaging materials. Electrical conduction, electrical insulation, mechanical
support, environmental protection, and thermal conduction and dissipation are the main functions that
should be considered [6,7]. Heat sinks, which are the cooling systems for electronic devices, have been
developed to solve this issue. It has been indicated that materials with a thermal conductivity
higher than 150 W/(m·K) and coefficient of thermal expansion (CTE) between 4 × 10−6 K−1 and
9 × 10−6 K−1 are desirable materials for use in this application [8].
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To select a proper material to be employed in electronic packaging applications, different
considerations should be taken into account to strike a balance between function, performance,
manufacturability, reliability, and cost [9]. Among the metallic materials, copper is one of the most
interesting candidates which can be used in electronic packaging applications, owing mainly to its
high thermal conductivity and cost. However, its high thermal expansion coefficient (16.9 × 10−6 K−1)
at ambient temperature and low tensile strength have limited its application. Thus, in order to address
these drawbacks and broaden the application of copper and its alloys, it is necessary to improve
these characteristics through either fabrication of composites or heat treatment. However, in order
to develop the application of copper composites, it is necessary to fabricate new composites with
high thermal and electrical conductivity, low coefficient of thermal expansion, and high mechanical
properties. Thus, it is essential to design the material to have a uniform dispersion of reinforcing
material as well as a strong interfacial bonding between the reinforcement and matrix. Generally
speaking, copper matrix composites can be produced by the addition of stable and non-soluble
particles into the copper matrix. These non-soluble and stable particles can be different based on
the target application, and could be oxides (Al2O3, SiO2, etc.), borides (TiB2, ZrB2, etc.), nitrides
(TiN, ZrN, etc.), carbides (SiC, B4C, TiC, etc.), or carbonaceous materials (CNTs, graphite, graphene,
diamond) [10–12]. According to the literature, due to the poor wettability between molten copper and
reinforcing particles, conventional casting techniques are not an appropriate fabrication technique for
this kind of composite. Thus, other manufacturing routes such as powder metallurgy techniques have
been developed to produce the copper-based composites [12]. The main areas of interest for copper
and its composites are in the electronic packaging and heat sink industries, as well as for structural and
frictional applications [12–14]. It should be noted that the electrical properties of copper composites can
be seriously affected by impurities: some of them may precipitate during the heat treatment, and these
precipitates deteriorate the electrical conductivity [13]. For instance, Caron et al. have reported that
the electrical conductivity of copper can be lowered to only 86% IACS (International Annealed Copper
Standard) as a consequence of 0.023% Fe addition during the fabrication process [13]. Moreover, it is
reported that the presence of 0.3% Zr, 1.25% Al, or 0.1% P can lower the electrical conductivity of
copper to 85%, 70%, or 50% IACS, respectively [12].

On the other hand, graphene nanoplatelets, due to their unique characteristics such as very high
thermal conductivity (≈5000 W/(m·K)) and very low coefficient of thermal expansion in the in-plane
direction (−1 × 10−6 K−1), could attract considerable attention for use as reinforcing materials [15–18].

The main aim of this study is not only to investigate the effect of graphene nanoplatelets
on the physical and mechanical characteristics of copper composites, but also to develop new
Cu/GNP composite materials with improved mechanical strength, appropriate thermal and electrical
conductivity, and tailored CTE.

2. Materials and Methods

2.1. Starting Materials

The starting materials which were used to produce the copper matrix nanocomposites with
differing graphene nanoplatelet content included:

• Copper (Cu) powder, with 150–240 μm size and 99.5% purity (Figure 1a). This powder has an
irregular morphology with a porous surface (spongy structure) and was supplied by Alfa Aesar,
Ward Hill, MA, USA.

• Graphene nanoplatelets (GNPs) with 99% purity, ~100 nm thickness, 25 μm width, and surface
area of 700 m2/g, supplied by abcr GmbH, Karlsruhe, Germany (Figure 1b).

The densities of the copper powder and graphene nanoplatelets (GNPs) were 8.96 g/cm3 and
2.2 g/cm3, respectively.
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Figure 1. (a,b) SEM images of pure Cu powder with (c,d) the corresponding EDS analysis; the red
cross and black cross belong to the copper oxide and copper particle, respectively.

2.2. Mixing

In principle, in order to take the advantage of the unique mechanical, thermal, and electrical
properties of graphene nanoplatelets, it is necessary to achieve a uniform dispersion of GNPs within
the metallic matrix. Therefore, in this work, the distribution of GNPs within the metal matrix
was performed by means of mechanical milling and a novel wet mixing method proposed by
Rashad et al. [19]; these techniques are described in the following sections.

2.2.1. Ball Milling

The nanocomposite powder preparation was carried out by a mechanical milling technique in a
Pulverisette 5 planetary ball mill. The mixing of the starting powder was conducted in a hardened steel
jar, and the milling media were 5 mm hardened stainless steel balls. The ball-to-powder ratio (BPR)
was chosen to be equal to 10:1. During the milling process, methanol was used as a process control
agent (PCA) to prevent the excessive cold welding of metallic powders, and an argon atmosphere
was chosen in order to avoid oxidation during the milling. Mechanical milling was carried out by the
agitation of a ball mill at a rotating speed of 200 rpm for 90 min, using a 30 min stop step after every
30 min of agitation in order to control the temperature during the milling. Reference samples of pure
copper were mechanically milled under the same condition.

2.2.2. Wet Mixing

In this method, at first, graphene nanoplatelets and copper powders were separately dispersed
in ethanol by means of ultrasonication. After ultrasonication for 45 min, the graphene nanoplatelet
(GNP) suspension was added dropwise into the copper powder slurry to achieve the final content of
GNPs. By adjusting the GNP content, composite powders with 4.0 vol % and 8.0 vol % graphene were
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produced. The mixture was ultrasonicated for 60 min to obtain a homogeneous dispersion. Afterwards,
the mixture was filtered and dried at 80 ◦C for 6 h to achieve the final nanocomposite powder.

2.3. Consolidation and Sintering

Die compaction of the powders is an economical and highly productive technique for fabricating
the metal matrix nanocomposites [20]. Thus, as-prepared nanocomposite powders were compacted in a
stainless steel die with 30 mm diameter at room temperature. The green cylindrical samples of Cu/GNP
nanocomposites were sintered at 950 ◦C for 2 h under an inert atmosphere (N2). The corresponding
bulk Cu/GNP composites were denoted as Cu–4.0 vol % GNPs and Cu–8.0 vol % GNPs, respectively.

2.4. Characterization

The morphology and microstructure of the starting and nanocomposite materials were
characterized by means of a field-emission scanning electron microscope (FESEM; Merlin-Zeiss,
München, Germany, operating at 15 kV) equipped with an energy-dispersive X-ray spectrometer
(EDS). The theoretical densities of composites were calculated according to the rule of mixtures,
whereas their relative densities were measured using the Archimedes method. X-ray diffraction
(XRD) analysis of the nanocomposite was performed on a Philips X’Pert diffractometer using Cu Kα

radiation, a tube voltage of 40 kV, and a tube current of 40 mA. In this research, Raman spectroscopy
was used to evaluate the graphene structure during the fabrication process. Hence, the Raman spectra
of graphene were obtained by using a Renishaw InVia Reflex micro-Raman spectrometer (Renishaw
plc, Wotton-under-Edge, UK) equipped with a cooled charge-coupled device camera. The laser beam
(λ = 514.5 nm) was focused using a 50× objective lens before irradiating the samples. In order to
avoid damage to the samples, the integration time was 50 s and the laser power was reduced to 5 mW.
The hardness measurement was performed by a Vickers hardness tester at a load of 5 kg for 15 s on
a polished surface. The hardness values are the average of five different measurements on the same
surface. Thermal expansion measurements were carried out by means of a SETSYS Evolution TMA
with a heating rate of 5 ◦C/min. These measurements were carried out in the temperature range of
25–750 ◦C with a heating rate of 5◦ C/min in an argon atmosphere. The linear CTE was measured
according to the following equation:

α = ε
1

ΔT
=

ΔL
L0

1
ΔT

(1)

where, α is the CTE, ΔT is the temperature interval (T-298), L0 is the starting length of the specimen,
ΔL = L − L0 and ε = ΔL/L0. Cylindrical samples with a dimension of φ 5 mm × 120 mm were
produced directly by means of a conventional powder metallurgy technique. Before starting the
measurements, the TMA apparatus was calibrated according to DIN 51045 with NBS-Pt.

The elastic modulus of the composites was determined through a nondestructive test based on the
impulse excitation vibration method. The reported results for the Young’s modulus are the average of
three different measurements. A laser-flash method was used to measure the thermal diffusivity, using
a FLASHLINETM apparatus (Anter Corporation, Pittsburgh, PA, USA). The thermal conductivity of
specimens was measured at 30 ◦C. In order to evaluate the electrical conductivity, firstly, the electrical
resistivity of samples was measured; then, the electrical conductivity of specimens was calculated by
using the inverse relationship of electrical resistivity and conductivity.

3. Results and Discussion

Figure 1 illustrates a representative FESEM image of pure copper powder used in this work;
it can be seen that the copper particles have an irregular morphology with a porous structure.
Moreover, in the copper starting powder, some dense particles (brighter particles) were revealed.
According to the EDS analysis (red cross), they turned out to be copper oxide.
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Figure 2a shows the FESEM images of the as-received GNPs. As can be seen in this image,
the lateral size and thickness of the GNPs were approximately 25 μm and 100 nm, respectively.
Figure 2b shows the Raman spectrum of the as-received graphene nanoplatelets. It can be seen
that three main bands, corresponding to the D, G (+D’), and 2D vibrational modes, are present in
the spectrum.

a b

1 m 

Figure 2. (a) SEM image and (b) Raman spectrum of as-received graphene nanoplatelets (GNPs).

In principle, the Raman spectrum of graphene-based material shows several bands in the range
of 1200–2800 cm−1. The first peak (D-band) at ~1350 cm−1 is due to a second-order scattering process
which involves a graphene defect and a phonon. The second band at ~1580 cm−1 (G-band) is related
to the E2g phonon at the center of the Brillouin zone [21]. The last important vibrational fingerprint
deals with the 2D-band, also defined as the G’-band, which is spectrally located at ~2695 cm−1 for
single-layer graphene [22].

According to the previous research, mixing a metal matrix with reinforcement by means of ball
milling is the simplest and most common way [23–25]. Even if this technique shows great potential in
the dispersion of ceramic particles within the metallic matrix, the following results provided some proof
that advise against the ball milling technique as a dispersion method in the Cu/GNP nanocomposites.
The Raman data, such as ID/IG and I2D/IG for as-received graphene and graphene in the composites
after ball milling and wet mixing, are presented in Table 1.

Table 1. Raman data of as-received GNPs and Cu/GNPs after wet mixing and ball milling.

Composition
Ball Milled Wet Mixed

ID/IG I2D/IG ID/IG I2D/IG

As-received GNPs 0.112 0.511 0.112 0.511
Cu–8 vol % GNPs 0.893 0.584 0.127 0.525

The increase of ID/IG ratio signifies the introduction of defects into the carbon lattice as well as
the reduction of the crystal size of the graphene platelets. Here, it is evident that these two undesirable
phenomena have taken place during the ball milling and, accordingly, it was not possible to take
advantage of the superior properties of graphene within the matrix. Surprisingly, the I2D/IG ratio did
not change significantly; this means that the number of layers in the graphene did not change. It can
be thus inferred that, after ball milling, the graphene was still multilayer. On the contrary, the ID/IG

ratio of GNPs after wet mixing did not alter with respect to the as-received ones, implying that wet
mixing could be a safe method to disperse the GNPs within the copper matrix.

Apart from the structural investigations by Raman spectroscopy, the morphology of the powder
and the dispersion of graphene within the copper matrix were studied by means of a field-emission
scanning electron microscope (FESEM). As can be seen in Figure 3, the distribution of the GNPs within
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Cu–8 vol % GNPs nanocomposite powder was comparatively homogeneous. Moreover, it is evident
that the graphene nanoplatelets were located in the open porosities on the copper particles and that
most of the porosities on the surface of the copper particles were filled by GNPs.

 

  
10 m 

200 m

10 m 

GNPs 

200 m 

a b

c d

Figure 3. SEM images of (a) pure Cu and (b–d) Cu–8 Vol % GNPs composite powder mixture.

It is, therefore, likely that such a connection exists between the mixing technique and dispersion
of GNPs as well as the properties of graphene after the mixing. It can be thus concluded that, through
wet mixing, not only can a uniform dispersion be achieved but also the structure of the graphene can
remain unchanged with respect to the starting graphene.

Figure 4a,b shows the microstructure of Cu–4.0 vol % GNPs and Cu–8.0 vol % GNPs, respectively,
parallel to the compacting direction. According to these images, the dispersion of graphene seems to
be homogeneous after the compaction and sintering process. However, it appears that, by increasing
the graphene content up to 8 vol % GNPs (apart from the locating of graphene at the grain boundaries),
the graphene platelets tend to form clusters and the number of agglomerates increases noticeably
(red dashed circles). The average grain sizes of pure copper and composite were calculated based
on the intercept method, and the results show that the addition of GNPs results in the reduction of
grain size from 14 μm to 10 μm and 8 μm for Cu–4 vol % GNPs and Cu–8 vol % GNPs, respectively.
The morphology of Cu–8.0 vol % GNPs perpendicular to the compacting direction is shown in
Figure 4c. As can be seen, the graphene nanoplatelets are oriented mainly perpendicular to the
compacting direction and this can result in anisotropic properties in the composite.
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Figure 4. SEM images of sintered (a) Cu–4 vol % GNPs, (b) Cu–8 vol % GNPs parallel to the compaction
direction, and (c) Cu–8 vol % GNPs perpendicular to the compaction direction.

The X-ray diffraction pattern of the Cu–8.0 vol % GNPs bulk sample after sintering at 950 ◦C for
2.5 h is presented in Figure 5. This pattern displays three clear peaks of copper ((111), (200), (220)) and
an obvious peak of copper oxide, which provides further evidence of the presence of copper oxide in
the starting copper powder. Furthermore, as can be seen in the XRD spectra, the peak at the 2θ value
of 26.4◦ corresponds to the reflection of the graphitic structure (002). In the end, according to the XRD
pattern, it could be deduced that no new phase was formed during the fabrication process.

Figure 5. X-ray diffraction pattern of (i) pure copper, (ii) as-received GNPs, and (iii) Cu–8 vol % GNPs
after sintering at 950 ◦C for 2.5 h.

Figure 6 illustrates the relative density and Vickers hardness of the copper nanocomposites as
a function of graphene content. As can be seen, the relative density of copper and its composites
decreased as a function of GNP content, particularly in the Cu–8 vol % GNPs sample. Thus, it is
possible to conclude that the GNP content has a negative influence on the final density of composites.
The decrease in the density of the composites was more pronounced than the theoretical value;
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this discrepancy is probably due to the presence of extra porosity inside the composite. As shown
earlier, GNPs tend to aggregate at higher content and result in the formation of steric obstacles in
consolidation of the composites, restricting matrix material flow into the agglomerates [26].

Figure 6. Vickers hardness and relative density of copper composites as a function of GNPs.

On the other hand, by increasing the GNP content, the Vickers hardness of the composites mainly
increased, owing to the grain refinement effect of GNPs within the matrix.

The coefficient of thermal expansion values show the level of mismatch strains introduced into
the matrix, either as a consequence of reinforcement addition with different properties or due to
microstructural changes [27,28]. In fact, the grains of each phase have their physical properties,
shapes, or volumes, leading to the residual stresses at the boundaries after thermal treatment [27,29].
These residual stresses at the boundaries can be transmitted without expansion of copper or debonding
of the boundaries [30]. In this work, two different volume fractions of graphene were used as
reinforcement in order to improve the mechanical properties and reduce the CTE of the copper
composite. As shown previously, GNPs tend to orient preferentially perpendicular to the compacting
direction, which leads to anisotropic properties. Due to a significant difference between the CTEs of
graphene in the out-of-plane (26 × 10−6/◦C) and in-plane (1.0 × 10−6/◦C) directions, the anisotropic
behavior in CTE of the composite was predictable. In the current research, all the CTE measurements
for the Cu/GNP composite were carried out in the direction parallel to the compaction force.

As can be observed in Figure 7, the coefficient of thermal expansion of copper composites was
decreased by increasing the GNP content. This phenomenon could be related to the more effective drag
force on the grain boundary motion applied by GNPs. Moreover, GNPs exerted a higher compression
force on the grain boundaries during the expansion of copper as a consequence of their very low CTE.
This force during the expansion can limit this feature of copper grains, and resulted in the decrease
in the CTE of the composites. Moreover, the measured CTEs in this work were in good agreement
with those reported in the literature [31]. According to the existing literature on the CTE of composite
materials, there are a number of available models to estimate the CTE of the composites [32–34].
As described earlier, the uniaxial compaction technique was used to fabricate the composites and,
during the compaction, GNPs show a preferred orientation with respect to the compaction direction.
Therefore, this kind of preferred orientation may affect the properties of composite materials in different
axes and, thus, it should be taken into account for the modeling. This anisotropy property of the
composite was considered by a simple model which was proposed by Schapery [35].

α =
αiEiVi + αoEoVo + αCuECuVCu

EiVi + EoVo + ECuVCu
(2)
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Here, α is the coefficient of thermal expansion, E is the Young’s modulus, and V is the volume
fraction. The subscripts “i” and “o” represent the in-plane and out-of-plane properties of graphene,
whereas the “Cu” subscript denotes the properties of copper.

As shown earlier, by increasing the GNPs content from 4.0 vol % to 8.0 vol %, the graphene
started to agglomerate, and these clusters resulted in the lower interface area. Moreover, these
agglomerates can affect the CTE of composites owing to either the anisotropic properties of graphene
or the introduction of internal porosity. Substantially, due to the anisotropy of graphene, the whole
volume of graphene can be sorted in two parts: one part with the positive contribution of graphene in
overall CTE which is attributed to the Cu/GNP interface, and another one with a negative contribution
of graphene in the CTE of the composite. Therefore, it can be defined that Vj = ciVG (j = i and o) and ca

and cc are the fractions of graphene volume which play the negative and positive roles in the final CTE.
However, it should be mentioned that ci + co = 1 and Vi + Vo = VG. These are the main assumptions
used in this model, and by inserting these assumptions in the previous equation the model could be as
follows [8]:

α =
(αiEiVi + αoEo(1 − ci))VG + αCuECuVCu

(Eici + Eo(1 − ci)VG + ECuVCu
. (3)

The parameters, such as the CTE of graphene in two directions and its mechanical properties,
together with the data of copper used in this model, are presented in Table 2. However, the elastic
modulus of copper was considered according to our experimental measurements.

Table 2. Parameters used in this model [8].

αi (10−6 K−1) αo (10−6 K−1) Ei (GPa) Eo (GPa) ECu (GPa) αCu (10−6 K−1)

−1 26 1000 20 75 17.1

In order to have insight into the contribution of GNPs with a negative CTE to the thermal
expansion of the composite, different volume fractions of graphene in the range of 4.0–8.0
were considered.

Figure 7. The theoretical predictions and experimental coefficient of thermal expansion of pure copper,
Cu–4 vol % GNPs, and Cu–8 vol % GNPs as a function of temperature.

The measured CTEs of pure Cu, Cu–4.0 vol % GNPs, and Cu–8.0 vol % GNPs (dashed lines),
together with the calculated CTEs at different volume fractions of graphene with negative CTE,
are shown in Figure 7. The volume fraction of graphene with negative CTE can also be defined as
the volume fraction of GNPs which are aligned perpendicular to the compaction. As can be seen
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in Figure 7, if 60% of GNPs are oriented perpendicular to the compaction force, the effect of GNPs
with a negative CTE would be significant; this effect changes as a function of the volume percentage
of GNPs in this direction. By comparison with the measured CTE results of Cu–4.0 vol % GNPs
and Cu–8.0 vol % GNPs, it seems that a less than 20% volume percentage of GNPs were aligned
perpendicular to the compaction force. Nonetheless, it could conceivably be hypothesized that, if there
were strong bonding between the Cu and GNPs, the CTE of the composite would be lower. Conversely,
a lower efficiency of GNPs in terms of CTE reduction was found in Cu–8.0 vol % GNPs with respect to
the Cu–4.0 vol % GNPs. This low efficiency could be attributed to the aggregation of GNPs at higher
graphene content, poor interfacial bonding, and porosity.

Figure 8 compares the experimental data and theoretical calculations of the Young’s modulus of
Cu/GNPs composites as a function of GNP content. Previous research has established several models
in order to predict the effect of reinforcement addition on the elastic behavior of MMNCs. Halpin and
Tsai proposed a model considering the distribution and aspect ratio of reinforcement as the main
assumptions; the model can be expressed as follows [36]:

Ec = Em

[
3
8
× 1 + 2/3ηLpVG

1 − ηLVr
+

5
8
× 1 + 2ηTVG

1 − ηTVr

]
, (4)

E|| = Em

[
1 + 2/3ηLpVG

1 − ηLVG

]
, (5)

ηL =
EG/Em − 1

EG/Em + 2/3p
, (6)

ηT =
EG/Em − 1
EG/Em + 2

, (7)

where E is the elastic modulus, V is the volume fraction, and p is the aspect ratio of graphene.
The subscripts “c”, “G”, and “m” denote the composite, graphene, and matrix. This model considers
the random distribution and preferred orientations of GNPs within the matrix. It would be possible
to predict this anisotropic effect by Equations (4) and (5) for random distribution (Ec) and preferred
orientation (E||). The aspect ratio of the GNPs is calculated by dividing the length of graphene by
its thickness. In the calculations, the elastic modulus of Cu was considered to be 75 GPa (according
to our measurement), and the elastic modulus of graphene was 1.0 TPa (reported from the previous
works [37]). The lower Young’s modulus of copper with respect to the theoretical value can be related
to the purity of the starting powder and the porosity content of sintered specimens. As can be seen
in Figure 8, the elastic properties of the composite can be improved through graphene addition, but
it is clear that the practical improvement is lower than the predictions. This discrepancy suggests
that the elastic properties of the composite could be improved more through the improvement of the
process parameters and quality of graphene. This difference between the models and practical data
could be attributed to the following reasons: (i) since as-received graphene used in this research is
not a defect-free graphene, its real elastic modulus might be lower than the theoretical one, (ii) poor
interfacial bonding between Cu and GNPs, and (iii) random distribution of graphene with various
orientations could disturb the unidirectional load-transfer mechanism and reduce the composite
properties. These findings clearly imply that the dispersion of graphene at higher content is a
key challenge. Furthermore, this comparison shows that further improvement in the mechanical
properties can be achieved through either the optimization of the process parameters or by using some
post-processing steps.
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Figure 8. Comparison between the measured CTE and theoretical calculations of elastic modulus
(Ec and E||) of Cu/GNPs composites as a function of GNP content.

Table 3 shows the characteristics of some metals and alloys which are used in electronic packaging,
together with the experimental results which were achieved in this research. As can be seen in this table,
in spite of the proper thermal expansion of Cu–Mo and Cu–W at ambient temperatures, the medium
thermal conductivity and high density of these two materials limits their application as electronic
packaging materials. In the case of Cu–Ni–Sn, although the electrical resistivity of this alloy is
increased with respect to pure copper, its thermal conductivity is significantly decreased, and the
thermal expansion of this alloy is still high. These characteristics either limit its application or reduce
its heat dissipation efficiency. As can be seen in Table 3, the thermal and electrical conductivity
of copper composites were decreased by increasing the GNP content. These reductions in thermal
and electrical conductivities, which are affected significantly by activities of free electrons, can be
related to several reasons. In this work, poor interfacial bonding (interfacial porosity) and grain
refinement can be considered as two main sources of these reductions. However, Chen et al. have
reported that the high O content produced in the PM (Powder Metallurgy) process can be another
reason [38,39]. It can be thus concluded that grain refinement, high oxygen content interface, and
porosity within the matrix increase electron scattering and consequently decrease electron and thermal
conductivities. In comparison with these commonly used materials in heat sink applications, the high
thermal conductivity and low thermal expansion of Cu/GNP composites, which were developed
within this work, make them interesting materials for use in the electronic packaging industry.

Table 3. Typical properties of some metallic materials used in electronic packaging.

Metals and Alloys
Thermal

Conductivity at
0–100 ◦C (W/m·K)

Electrical
Resistivity at

20 ◦C (Ω m × 108)

Thermal
Expansion
(1/k × 106)

Density at
20 ◦C (g/cm3)

Reference

Aluminium (Al) 238 2.8 23.5 2.7 [9]

Cu–Ni–Sn 50 14 17.1 8.88 [9]

Copper (Cu) 393 1.7 17 8.9 [40]

Red Brass (15% Zn) 151 4.66 18.7 8.8 [40]

CuW 180–220 – 7–9 >9 [40]

CuMo 160–185 – 7–9 9 [41]

Copper (Cu) 350 1.45 18 8.9 Current work

Cu–4 vol % GNPs 304 1.49 14 8.7 Current work

Cu–8 vol % GNPs 262 1.55 12 8.3 Current work
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4. Conclusions

The Cu/GNP nanocomposites were successfully fabricated by wet mixing followed by a classical
powder metallurgy route. Raman analysis of the GNPs and microstructural observations confirm
that ball milling is not an appropriate technique to disperse the GNPs within the copper matrix,
whereas the wet mixing method has great potential to be used as a dispersion technique. Through wet
mixing, the graphene nanoplatelets were randomly distributed within the matrix and most of the
graphene was located at the copper grain boundaries, thus leading to grain refinement. During the
compaction of the composite powder, the graphene nanoplatelets oriented preferentially perpendicular
to the compaction direction, which implies that the produced composite might show anisotropic
properties. By increasing the graphene content up to 8 vol %, apart from the locating of graphene at the
grain boundaries, the nanoplatelets tend to form clusters and the number of agglomerates increases
noticeably. By increasing the graphene content, the Vickers hardness of the composites increased
as well as their elastic modulus, mainly owing to the grain refinement effect. The variation in the
coefficient of thermal expansion of copper composites at different temperatures from 100 ◦C to 750 ◦C
showed that the coefficient of thermal expansion of copper composites decreased by increasing the
GNP content. On the other hand, it is found that the combination of grain refinement and porosity
content were responsible for decreased electron and thermal conductivities. In addition, it was found
that, through the addition of GNPs, it would be possible to produce a novel composite with almost
high thermal and electrical conductivity together with low thermal expansion and density. Since the
achieved results are desirable characteristics for the electronic packaging industry, this fabricated
composite is one of the most interesting candidates for use in heat sink applications. All in all, it can be
concluded that the fabrication of composites reinforced by GNPs faces several challenges, such as the
dispersion of graphene at higher content levels, interfacial bonding between the copper and GNPs,
and the preferred orientation of graphene during the fabrication process.
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Abstract: The mechanical behaviors of the thixoforged in situ Mg2Sip/AM60B composite at elevated
temperatures were evaluated. The results indicated that the thixoforged composite exhibits higher
UTS (ultimate tensile strength) than that of the thixoforged AM60B at the cost of elongation. As the
testing temperature rises from 25 to 300 ◦C, the UTS of both these two materials decreases while
their elongations increases. The enhanced dislocation motion ability, the softened eutectic β phase at
120 ◦C, the activated non-basal slipping and the dynamic recovery and recrystallization mechanisms
at 150 ◦C are responsible for the change in tensile properties with testing temperatures. The fracture
mode transforms from the ductile into the brittle as the initial strain rate increases from 0.01 to 0.2 s−1

at 200 ◦C.

Keywords: thixoforging; magnesium-based composite; fracture

1. Introduction

In the past few years, magnesium alloys have been widely used in the fields of automotion,
electronic products, portable tools, sporting goods, and aerospace vehicles owing to their light weight,
excellent castability, damping capacity, machinability, and so on [1]. However, the rapid loss of strength
at temperatures above 120 ◦C limits their extended applications [2]. In order to solve this problem,
several new heat resistant magnesium alloys have been recently developed [3]. The design in heat
resistant magnesium alloys mainly abides by the following ideas: strengthening the α-Mg matrix
or/and limiting the cross-slip of dislocations and migration of the grain boundary [4]. Most of the heat
resistant magnesium alloys with high performances are achieved through the addition of rare earth
elements [5–8]. Unfortunately, the formidable cost of rare earth elements limits the development of the
magnesium industry. The requirements of high-performance and light-weight materials in automotive
and aerospace fields have become increasingly urgent in recent years [1], leading the development of
heat-resistant magnesium alloys with cost-effective technologies.

Combining the mechanical properties of magnesium alloys with ceramics, magnesium-based
composites exhibit a higher service temperature with affordable cost [9–12]. Therefore, the magnesium-
based composites become attractive candidates for the applications at elevated temperatures [13].
However, most of the related investigations focus on the fabrication of magnesium-based
composites [14]. The mechanical behaviors of magnesium-based composites at elevated temperatures
dramatically influence their performance. Unfortunately, the investigations involving this subject are
lagging far behind with the rare earth-contained heat-resistant magnesium alloys [7,15,16]. Generally,
there are three strengthening mechanisms for metal-matrix composites: load transfer, Orowan looping,
and dislocation strengthening. Every mechanism is changing as the temperature changes. However,
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this has not been discussed in detail. It can be expected that due to the difference in microstructural
constituents and the processing technique, the related fundamental knowledge for magnesium-based
composites should also be different. Therefore, the mechanical behaviors of magnesium-based
composites at elevated temperatures become an indispensable part for their applications and require
sustained research effort.

Thixoforging is a combination of casting and forging, in which the semisolid ingot is injected
steadily and solidified under applied pressure [17]. It has been pointed out that thixoforging is
especially suitable for the forming of aluminum and magnesium alloys [17–19]. Thus, it is theoretically
expected that thixoforging should be a maneuverable method to fabricate magnesium-based
composites. In the authors’ previous investigations [20–22], the ultimate tensile strength (UTS) of the
thixoforged in situ Mg2Sip/AM60B composite is 35.6% higher than the thixoforged AM60B alloy at the
cost of the elongation. However, the mechanical behaviors at elevated temperatures of this composite
have not been studied.

In this experimental paper, the mechanical behaviors at elevated temperatures of the thixoforged
in situ Mg2Sip/AM60B composite will be discussed in detail. The informative results are compared
to the thixoforged AM60B alloy. The strengthening mechanisms of the Mg2Si particle will also
be investigated.

2. Materials and Methods

The raw materials used for this work were commercial AM60B, Al-30 wt % Si, and pure Mg,
melted at 790 ◦C in an electric resistance furnace (Shanghai Shiyan Electric Furnace Co., Ltd., Shanghai,
China). In order to avoid oxidation, the melting was covered by RJ-2 (Hongguang Co., Ltd., Shanghai,
China), which was designed for magnesium alloys. Then, 0.5 wt % Sr (using Mg-30Sr master alloy)
was added into the melting in order to modify the Mg2Si phase. After the melt was held for 20 min,
0.2% SiCp (using pressed cake of Mgp-25SiCp mixture powders) was introduced and stirred for 3 min
for purpose of refining the α-Mg phases. Subsequently, the melt was degassed using C2Cl6 and
pouring into a steel mold with a cavity of � 50 mm × 500 mm. Thus, the as-cast ingots were obtained.

Some small ingots were cut from the as-cast ingots, with dimensions of � 42 mm × 30 mm.
Those ingots were reheated in a resistance furnace at 600 ◦C for 60 min and the semisolid ingots
were obtained. The semisolid ingots were transferred into the bottom die, which was preheated
to 300 ◦C with a cavity of � 50 mm × 40 mm. Then the die was closed, driven by the hydraulic
pressing machine (Tianjin Tianduan Press Co., Ltd., Tianjin, China). The pressure of 192 MPa forced on
the semisolid ingot increased to the setting value within 5 s and held for 20 s. Repeating the above
experiment, thixoforged composites were obtained. The thixoforged AM60B alloys were also prepared
by this method.

According to the standard of GB/T 4338-2006, some tensile specimens were machined using
the wire-cut machine (Fangzheng CNC Machine Tool Co., Ltd., Taizhou, China) from the center of
the thixoforged products and parallel to the pressure. The gauge dimensions of the specimens were
10 mm × 1.2 mm × 2.5 mm. The tensile testing was conducted in a universal material testing machine
with a heating device, of which the temperature control precision is ±1 ◦C. The tensile specimen
was heated at the setting temperature for 10 min, and then the test was conducted. In view of the
servicing temperature of the magnesium alloys [2,3], which is no more than 300 ◦C, the tensile testing
was carried out under the temperatures of 25 (room temperature), 100, 150, 200, 250, and 300 ◦C
at cross head speeds of 1.0 mm·s−1, and at cross head speeds of 0.1, 0.5, 1.5, and 2 mm·s−1 under
200 ◦C, respectively. The corresponding initial strain rates were 0.01, 0.05, 0.1, 0.15, and 0.2 s−1.
The average of at least five testing values was taken as the tensile properties of a thixoforged composite.
Some typical fracture surfaces, and side views of them, were also observed on the scanning electron
microscope (SEM; NEC Electronics Corporation, Tokyo, Japan) and the optical microscope (OM;
Nikon Instruments Co., Ltd., Shanghai, China). Microstructural specimens were cut from the center of
each of the thixoforged products. One cross-section parallel to the pressure direction was prepared
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under standard metallographic procedures. Microstructural characterization was also carried out with
this OM. The typical images were quantitatively examined by Image-Pro Plus 5.0 software (5.0, Media
Cybernetics Co., Ltd., Silver Spring, MD, USA), the fraction of the Mg2Si particles to the whole was
taken as its volume fraction.

3. Results

3.1. Microstructures of As-Cast, Semisolid, and Thixoforged Composite and Thixoforged AM60B Alloy

In order to identify the microstructures of the thixoforged composite, the initial as-cast
microstructures and its solidifying process should be first clarified. As shown in Figure 1a,b,
the microstructure of the as-cast composite contains primary Mg2Si particles, primary α-Mg dendrites,
eutectic Mg2Si particles, and eutectic structures. Together with the well-known solidifying process
of AM60B, the solidification of this composite begins with the precipitation of the primary Mg2Si
particles and then the primary α-Mg phases. The first-formed Mg2Si particles are pushed by the
growing primary α-Mg phases and distribute in the residual eutectic liquid. Finally, the eutectic liquid
solidifies into eutectic structures. During the last stage of the solidification, the eutectic Mg2Si phases
separate out previously from the eutectic liquid, then the eutectic α-Mg phases preferentially grow
up on the surface of the primary α-Mg dendrites, and the eutectic β phases (Mg17Al12) are left in the
interdendritic regions.

 

Figure 1. Microstructures of: (a,b) as-cast composite; (c) semisolid composite; (d) thixoforged
composite; (e) thixoforged AM60B.

After the composite is reheated at 600 ◦C for 60 min, the α-Mg dendrites evolve into the α-Mg
particles, and the sharp edges and corners of the Mg2Si particles are obviously blunted. Both of
them are suspended in the liquid (shown in Figure 1c). The microstructural evolution of α-Mg
dendrites and Mg2Si particles during partial remelting have been discussed in detail in the previous
works [23]. Subsequently, the semisolid ingot is thixoforged. Therefore, the liquids solidify into
secondary solidified structures. As shown in Figure 1d,e, the microstructures of the thixoforged
composite and AM60B alloy consist of primary α-Mg particles (in bright color) and secondary solidified
structures. The amount of the secondary solidified structures is significantly less than that of the
liquids in the semisolid microstructures. This phenomenon results from the solidified characteristics of
the semisolid ingot. The secondary α-Mg phases (to differentiate from the primary α-Mg particles,
the α-Mg phases solidified from the liquids is named as secondary α-Mg phases) preferentially grow
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on the surfaces of the primary α-Mg particles without boundaries. In this case, it is difficult to separate
these two phases from each other and results in the secondary solidified structures seemingly less than
the liquids in the semisolid ingot. Additionally, the thixoforged composite contains the reinforcement
of Mg2Si particles, of which the volume fraction is about 10 vol % (Figure 1d). There are two kinds
of Mg2Si particles in Figure 1d. The larger ones are the primary Mg2Si particles, the size of which
ranges from 20 to 40 μm. The smaller ones are eutectic Mg2Si particles, the size of which is less than
10 μm. Most of the primary Mg2Si particles locate at the boundary of the α-Mg particles, and only a
few of them locate inside. The eutectic Mg2Si particles mainly distribute within the α-Mg particles.
The amount of the primary Mg2Si particle is obviously larger than that of the eutectic Mg2Si particles.
These are attributed to the following reasons: The first is the amount of the formed eutectic Mg2Si
particles is less than the primary Mg2Si particles, since the eutectic point of the Mg-Si system is
1.38% [24,25]. On the other hand, the morphological evolution of the Mg2Si particles obey the Ostwald
ripening mechanism during partial remelting, which refers to the dissolution of small-sized grains and
the growth of large particles [26]. Owing to the dissolution and subsequent reprecipitation, the amount
of eutectic Mg2Si particles decreases and the primary Mg2Si particles becomes blunt. Based on the
abovementioned, the distribution of the Mg2Si particles can easily understood.

3.2. Tensile Properties of the Thixoforged Composite at Different Testing Temperatures

Figure 2 reveals the tensile properties of the thixoforged composite and AM60B at different
testing temperatures. It indicates that the UTS of the thixoforged composite is always higher than
that of the thixoforged AM60B, and both of them always decrease as the temperature rises. However,
the elongation of the thixoforged AM60B is always higher than that of the thixoforged composite,
and both of them increase as the temperature rises.

 

Figure 2. The variations in tensile properties of the thixoforged composite and AM60B with
testing temperatures.

Figure 3 presents the fractographs of the thixoforged composite tested at different temperatures.
As shown in Figure 3a, the fracture surface is covered by innumerable small dimples and damaged
Mg2Si particles. There are two kinds of damaged Mg2Si particles: either debonded from the
matrix (marked by A), or broken into pieces (marked by B). Figure 4a indicates that the number
of the former ones (marked by A) is much fewer than the latter ones (marked by B), owing to the
differences of the crystal structures and the lattice constants between the Mg2Si particles and the
α-Mg phases, the interface of which belongs to an incoherent interface [27]. During deformation,
the soft α-Mg phases deform plastically and the Mg2Si particles deform elastically. Thus, a large

229



Metals 2018, 8, 106

stress concentration preferentially generates near this interface, and increases to 2–4 times higher than
the surrounding matrix [28,29]. Finally, the stress concentration results in the interfacial debonding
or/and fragmentation of the Mg2Si particles. Of course, the stress concentration is relaxed. Thus,
it can be expected that the Mg2Si particles strengthen the matrix through the load transfer mechanism,
which results in the excellent UTS of the thixoforged composite at room temperature (Figure 2).

It has been reported that the β phase (Mg17Al12) is softened at temperatures above 120 ◦C [30].
Therefore, the UTS of the thixoforged AM60B decreases at 150 ◦C owing to the absence of a reinforcing
phase for the matrix (Figure 2). As mentioned above, the Mg2Si particle always locates in the last
solidified regions [20], i.e., surrounded by the eutectic phase. Thus, the softening of the eutectic β

phase leads to the decrease in the interfacial bonding strength between the Mg2Si particles and the
matrix. As shown in Figure 4b, the interfacial debonding (marked by A) gradually becomes dominant.
However, the broken Mg2Si particles (marked by B) still exist in the fracture surface (Figure 3b). Thus,
the Mg2Si particles still contribute in strengthening the matrix. Therefore, the UTS of the thixoforged
composite is much higher than that of the thixoforged AM60B (Figure 2). Moreover, the non-basal slip
system of the magnesium alloy is activated at this temperature [31,32], which significantly promotes
the plastic deformation ability of α-Mg phase. Correspondingly, the size of the dimples in the fracture
surface at the testing temperature of 150 ◦C becomes large (Figure 3b).

 

Figure 3. Fracture surfaces of the thixoforged composite tensile tested at different temperatures:
(a) 25 ◦C; (b) 150 ◦C; (c) 200 ◦C; (d) 250 ◦C; (e) 300 ◦C.

As shown in Figure 3c, those dimples transform into large pits, and deep holes form in the
fracture surface at a testing temperature of 200 ◦C. The Mg2Si particle always locates to the bottom
of these holes (marked by A). As the testing temperature reaches 200 ◦C, the dislocation motion is
promoted from the accelerated atom diffusion ability. Moreover, the non-basal slipping is further
active. Both of these lead to the decrease in UTS and the increase in elongation (Figure 2). Therefore,
the dimples easily connect with each other, and then the large-sized pits are generated (Figure 3c).
In addition, the broken Mg2Si particles are seldom found in the fracture surface, and the side view of
it (Figures 3c and 4c). That is, the Mg2Si particles mainly debond from the matrix (marked by A in
Figure 4c). Subsequently, the surrounding matrix continually plastically deforms as the tensile testing
proceeds. Then, the holes, of which the Mg2Si particle locates to the bottom, are thereby generated
(Figure 3c). In addition, as shown in Figure 4c, a kind of texture-like microstructure is formed (marked
by C in Figure 4c). Although the critical temperature for recrystallization of the magnesium alloys is
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230 ◦C [33,34], in view of the tensile testing belonging to a dynamic process, it should be suggested
that the formation of the texture-like microstructures are attributed to the dynamic recovery and
recrystallization regimes, which also result in the decrease of UTS and the increase of elongation of the
magnesium alloy. Under the combined effects mentioned above, the UTS of the thixoforged composite
apparently decrease and its elongation continually increases (Figure 2).

 

Figure 4. Side view of fracture surfaces of the thixoforged composite tensile tested at different
temperatures: (a) 25 ◦C; (b) 150 ◦C; (c) 200 ◦C; (d) 250 ◦C; (e) 300 ◦C.

When the testing temperature reaches 250 ◦C, the fracture surface is characterized by the necking
feature (as shown in Figure 3d). This implies that the plastic deformation ability of the α-Mg phase
is further improved (Figure 2). The combining effects are enhanced as the testing temperature
increases, which are responsible for the improved plastic deformation ability. Therefore, the holes’
characterization becomes more dominant on the fracture surface instead of those large-sized pits
(compare Figure 3d to Figure 3c). Figure 4d displays that these holes are also generated inside the
tensile bar (marked by A). This implies that the Mg2Si particles cannot bear much stress concentration
due to the interfacial debonding. Therefore, the load transfer mechanism is decreasingly effective.
In this case, the UTS of the thixoforged composite rapidly decreases while its elongation further
increases (Figure 2). Even so, the UTS of the thixoforged composite is still higher than that of the
AM60B (Figure 2). Thus, it can be expected that the other strengthening mechanisms should take part
in reinforcing the matrix and this will be discussed in detail at the Section 3.3.
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The fracture surface shown in Figure 3e is characterized by the necking feature as well. However,
the debonded Mg2Si particle is seldom observed and the amount of the texture-like microstructure
(marked by C) is increased at the side view of fracture surface (Figure 4e). When the testing
temperature further rises to 300 ◦C, the dynamic recovery and recrystallization mechanisms are
further promoted [35]. Thus, the amount of the texture-like microstructure increases. In this case,
the stress concentration near the interface between the Mg2Si particles and the matrix is easily relaxed
through the formation of the texture-like microstructures (marked by C in Figure 4e). As a result,
the interfacial debonding disappears. Moreover, the non-basal slip system of the magnesium alloys
is completely activated at 300 ◦C [31], which results in the further decrease in UTS and the increase
in elongation (Figure 2). The tensile properties of both thixoforged composite and AM60B are at a
comparative level (as shown in Figure 2), which implies the strengthening mechanisms from the Mg2Si
particle for the matrix becomes invalid when the testing temperature reaches 300 ◦C.

3.3. Strengthening Mechanisms of the Mg2Si Particle

In order to verify the strengthening mechanisms, a typical fracture surface, and a side view of
it showing the Mg2Si particles, are presented in Figure 5. The Mg2Si particle is broken into pieces
(Figure 5a) and there are no visible cracks in the surrounding matrix (Figure 5b). That is, the load
transfer mechanism from the Mg2Si particle effectively protects the matrix from the crack initiation.
With the testing temperature rising, the broken degree of the Mg2Si particle is reduced. As shown in
Figure 5c, the Mg2Si particle only splits into two parts, and even transforms into interfacial debonding
as the temperature further increases (Figure 5d). Namely, this mechanism is decreasing, due to the
reduced bonding strength of the interface between the Mg2Si particle and the matrix as the testing
temperature rises. However, the UTS of the thixoforged composite is always higher than that of the
thixoforged AM60B (Figure 2). It can be expected that the other mechanisms take part in reinforcing
the thixoforged composite.

 

Figure 5. SEM images showing Mg2Si particles: (a,b) fragmentation on fracture surface and side
view of it at 25 ◦C; (c,d) fragmentation and interfacial debonding on the fracture surface at 150 ◦C;
(e) showing eutectic Mg2Si particle in the side view of the fracture surface at 25 ◦C.

As mentioned above, there are two kinds of Mg2Si particles. After tensile testing, the large-sized
ones break into pieces and the small-sized ones maintain their original morphology (marked by arrows
in Figure 5e). During tensile testing, the interaction between dislocations and fine particles also
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contributes in strengthening the matrix through the Orowan looping mechanism [29]. As the testing
temperature rises, the dislocation motion is promoted from the accelerated atom diffusion ability.
In this case, the Orowan looping mechanism operates increasingly as the testing temperature rises.
On the other hand, the mismatch in the coefficient of thermal expansion (CTE) between Mg2Si particles
and the matrix [36] also strengthens the matrix. During thixoforging and tensile testing at elevated
temperatures, the dislocations are created near the Mg2Si/matrix interface due to the relaxation of
the thermal expansion mismatch between the Mg2Si particles and matrix. In this case, the dislocation
density increases. The dislocations formed during tensile testing increase as the testing temperature
rises. Therefore, this mechanism is gradually in action as the testing temperature rises, can impede the
dislocation movement, and also plays a very important role in strengthening the matrix.

Although the contribution of each strengthening mechanism has not been calculated separately,
it also suggests that an additive or synergetic effect from the combination of several mechanisms
is accountable for strengthening the matrix. In comparison, the load transfer mechanism primarily
operates at the testing temperature under 200 ◦C, and the other two grow dominant as the testing
temperature further rises.

3.4. Effect of Initial Strain Rate on Tensile Properties

As mentioned in the Section 3.2, the dynamic recovery and recrystallization regimes influence the
tensile properties dramatically. The initial strain rate also has large effects on this regime [37,38]. Thus,
the mechanical behavior under 200 ◦C at different initial strain rates is discussed in detail below.

Figure 6 reveals the tensile properties of the thixoforged composite at different initial strain rates.
It indicates that the UTS increases to a peak value at 0.1 s−1 and then decreases as the initial strain rate
increases from 0.01 to 0.2 s−1. However, the elongation continually decreases.

Figure 6. The variations in tensile properties of the thixoforged composite tensile tested at 200 ◦C
under different initial strain rates.

As shown in Figure 7a, the fracture surface is covered by small and uniform dimples. The crack
propagates through the α-Mg phases (Figure 8a). The employed initial strain rate 0.01 s−1 is the lowest
initial strain rate. Thus, the dislocation has enough time to move. Therefore, the stress concentration
near the interface between the Mg2Si particles and the matrix can be easily relaxed through the
dislocation motion regime. As the tensile testing proceeds, the microvoids are generated in the α-Mg
phase, and then connect with each other to form dimples. Eventually, the connecting leads to the
fracture of the composite. Namely, the fracture mode belongs to ductile fracture mechanism and the
fracture of the α-Mg phases results in the final fracture of the composite.
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Figure 7. Fracture surface of the thixoforged composite tensile tested at 200 ◦C under different initial
strain rates: (a) 0.01 s−1; (b) 0.15 s−1; (c) 0.2 s−1.

 

Figure 8. Side view of fracture surface of the thixoforged composite tensile tested at 200 ◦C under
different initial strain rates: (a) 0.01 s−1; (b) 0.15 s−1; (c) 0.2 s−1.

The increase in the initial strain rate leads to the enhanced dynamic recovery and recrystallization
mechanisms. Therefore, the texture-like structures are then generated (Figure 4c). This phenomenon
results in the softening of α-Mg phases, which leads their improved plastic deformation ability. In this
case, these dimples on the fracture surface become large (Figure 3c). However, the stress concentration
cannot be relaxed through the dislocation motion owing to the increase of initial strain rate. Thus,
the interfacial debonding is obviously observed on the fracture surface (compare Figure 3c with
Figure 7a). Moreover, the work hardening mechanism is increasingly promoted as the initial strain
rate increases, which takes part in improving the UTS at the cost of the elongation. Consequentially,
the UTS is increased while the elongation is decreased as the initial strain rate rises to 0.1 s−1 (Figure 6).
The fracture mode also obeys to a ductile fracture mechanism.

Figure 7b presents that the cleavage plane appears on the fracture surface, which implies that
the fracture is somewhat brittle in nature. In addition, the Mg2Si particles, which debonded (marked
by A) and broke into pieces (marked by B), are obviously observed on the fracture surface and the
side view of it (Figures 7b and 8b). The dynamic recovery and recrystallization mechanism, and the
work hardening mechanism, are at a competitive situation. The increase in the initial strain rate
results in the enhancement of both mechanisms. However, when the initial strain rate exceeds a
give value, it lacks enough time to realize the dynamic recovery and recrystallization mechanism in
action. Therefore, the amount of the texture-like structures decreases. In this case, the work hardening
mechanism becomes dominant and leads to the decrease in elongation (Figure 6). On the other hand,
the load transfer mechanism from the Mg2Si particle is also enhanced as the initial strain rate rises.
Thus, high stress concentration is preferentially formed near the interface between the Mg2Si particles
and the matrix, and results in the interfacial debonding or/and fragmentation of the Mg2Si particles
(compare Figure 7b with Figure 3c). Then the cracks are formed. Subsequently, the surrounded matrix
deforms. For the magnesium alloys, the deformation is achieved through the intergranular slipping
accompanied by intragranular dislocation motion [39]. As the initial strain rate rises, the slipping
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increasingly dominates due to there being insufficient time for the motion of intragranular dislocation.
Therefore, the cleavage planes are generated on the fracture surface. The slipping cannot bear much
deformation and, thus, the resultant elongation significantly decreases (Figure 6). Correspondingly,
the fracture mode transforms into a quasi-cleavage mode.

As the initial strain rate further rises, a high stress concentration is very quickly generated at the
interface between the Mg2Si particles and the matrix. Thus, the interfacial debonding occurs at the
early stage of the deformation. Namely, the cracks are thereby formed. Then, the cracks propagate
into the matrix, leading to the final fracture. It has been reported that there are three mechanisms
responsible for the deformation of the magnesium alloy and the critical resolved shear stress (CRSS)
from small to large, in sequence, are: basal slipping, twinning, and non-basal slipping [40]. Generally,
the CRSS of the basal slipping and twinning are irrelevant to the initial strain rate while that of the
non-basal slipping increases as the initial strain rate rises [41]. Therefore, it can be expected that the
deformation of the matrix is completely through the basal slipping of the α-Mg phases. In this case,
the fracture surface is characterized by the brittle feature (Figure 7c). Owing to the formation of crack
and the deformation mechanism of the α-Mg phase, the resultant UTS and elongation of the composite
are rapidly decreased (Figure 6).

Based on the abovementioned, the fracture mode of the composite under different initial strain
rates can be summarized by Figure 9. It indicates that the fracture mode gradually transforms from
ductile into brittle as the initial strain rate increases from 0.01 to 0.2 s−1. The microvoid coalescence
and the sliding are responsible for the fractures under these two conditions, respectively.

 

Figure 9. Schematic of the fracture mechanism for the thixoforged composite tensile tested at 200 ◦C
under the low and high initial strain rates.

4. Conclusions

1. The thixoforged in situ Mg2Sip/AM60B composite exhibits a higher UTS than that of the
thixoforged AM60B at the cost of elongation. The super UTS of the thixoforged in situ Mg2Sip/AM60B
composite is mainly attributed to the load transfer mechanism and the obstruction for the dislocation
motion from the reinforcement Mg2Si particles.

2. As the testing temperature rises, the UTS of both the thixoforged in situ Mg2Sip/AM60B
composite and AM60B decrease while their elongation increases. The enhanced dislocation motion
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ability, the softened eutectic β phase at 120 ◦C, the activated non-basal slipping, and the dynamic
recovery and recrystallization mechanisms at 150 ◦C are responsible for the change in tensile properties
with testing temperatures.

3. The tensile properties change with the initial strain rate changes tested at 200 ◦C. The UTS
of the composite reaches its peak value at the initial strain rate of 0.1 s−1 and then decreases,
however, the elongation of the composite continually decreases as the initial strain rate increases.
The variations in tensile properties result from the dynamic recovery, recrystallization mechanisms
and working hardening.

4. The fracture of the composite transforms from the ductile regime into the quasi-cleavage mode,
and finally exhibits the brittle feature as the initial strain rate increases.
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Abstract: Magnesium alloy QE22 (nominal composition 2 wt % Ag, 2 wt % mixture of rare earth
elements, balance Mg) was reinforced with 5 vol % Saffil fibers and 15 vol % SiC particles. The hybrid
composite was prepared via the squeeze cast technique. The microstructure of the monolithic alloy
and composite was analyzed using scanning electron microscopy. Elastic modulus was measured at
room temperature and modeled by the Halpin–Tsai–Kardos mathematical model. The strengthening
effect of fibers and particles was calculated and compared with the experimentally obtained values.
The main strengthening terms were determined. Fracture surfaces were studied via scanning electron
microscope. While the fracture of the matrix alloy had a mainly intercrystalline character, the failure
of the hybrid composite was transcrystalline.

Keywords: magnesium-alloy-based composite; Halpin-Tsai-Kardos model; deformation behavior;
composite strengthening; fracture behavior

1. Introduction

Cast magnesium alloys based on the Mg–Al–Zn–Mn system are designed for applications at
ambient temperatures because the mechanical properties of these alloys rapidly deteriorate at elevated
temperatures (above 120 ◦C) [1,2]. Among alloys for application at higher temperatures, the commercial
QE22 is one of the most frequently used. Improvement in mechanical properties can be achieved using
a proper thermal treatment [2] or, improving thermal stability as well, using various reinforcements
that exhibit different mechanical and physical properties. Magnesium matrix composites show better
wear resistance, enhanced strength, and creep resistance. Furthermore, they retain low density and
good machinability [3,4]. Appropriate materials for the reinforcing phases are ceramics: oxides,
nitrides, borides, carbides, carbon nanotubes (CNT), or intermetallic compounds [5–11]. The behavior
of composites depends on the content, geometry, and physical and mechanical properties of the
reinforcing phases. Metal matrix composites (MMCs) with long fibers, originally used to strengthen
a plastic metallic composite matrix, exhibit several disadvantages, such as high anisotropy and low
mechanical stability, since fibers are pulled out from the matrix under loading. Extremely high
anisotropy is partially suppressed in composites reinforced with short fibers or whiskers [12–17].
This anisotropy may vanish in composites reinforced by particles [18]. On the other hand, mechanical
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properties of the particle-reinforced composites are inferior compared with fiber-reinforced composites.
Using a combination of fibers and particles has proven to be a convenient compromise [19–24].
Reinforcing fibers/particles increases stiffness [25], improves mechanical and creep properties [19–24],
and decreases the thermal expansion [26] of the composite. Nanocomposites with a reinforcing phase
size of up to 100 nm have been intensively studied in the last decade [27–31]. Magnesium-alloy-based
(nano)composites have been considered a material suitable for biomedical applications in the last few
years [32]. Al2O3 ceramic Saffil fibers and SiC particles (SiCp) are commonly used reinforcements
for Mg alloys. A combination of both materials, where Saffil fibers are replaced by cheaper SiC
particles, may deliver a material with excellent strength, acceptable plasticity, improved creep
properties, and enhanced wear resistance when compared to a mere fiber-reinforced composite with
an Mg matrix. If composites are prepared via the hot extrusion technique, mechanical and physical
properties are also influenced by the material texture [26]. Bonding between the metallic matrix
and the reinforcing phase significantly affects the resulting properties of MMCs [33]. The presence
of fibers/particles may also influence the precipitation processes in the metallic matrix during the
composite preparation [34]. The chemical composition of magnesium alloys can be chosen according
to the required mechanical properties of the composite matrix, considering the strengthening effect of
the reinforcing particles/fibers. Rare earth element (RE) additions increase the strength of magnesium
alloys at elevated temperatures and reduce weld cracking and casting porosity. The relatively weak
tensile properties of Mg–RE–Zr alloys can be improved by an addition of Ag, which results in enhanced
thermal treatment possibilities and age hardening processing of the alloy and final composite. QE22 is
a widely used Mg–Ag cast alloy, where the content of silver below 2% allows for the formation of
Mg–Nd precipitates similar to the Mg–RE alloys; the addition of silver also refines the precipitate
size [2].

In this complex study, the elastic modulus and the plastic and fracture properties of the QE22
hybrid composite containing Saffil fibers and SiC particles were investigated with the aim to better
understand the factors and processes influencing the resulting composite properties. In addition, the
monolithic QE22 alloy was also studied in this work as a reference material.

2. Experimental Material and Procedure

Commercially available cast QE22 magnesium alloy (nominal concentration in wt %: 2 Ag,
2 mischmetal mainly Nd-0.4 Zr, balance Mg) was used as the composite matrix material. The alloy
was reinforced with 5 vol % Saffil® (97% δ-Al2O3, 3% SiO2) fibers and 15 vol % SiC particles using
a preform consisting of fibers, particles, and a binder system (Al2O3 and starch). The orientation of
fibers in the preform was planar, with a random orientation of fibers in the plane. Squeeze casting
technology (ZFW, Clausthal-Zellerfeld, Germany) was used for the infiltration of liquid Mg alloy into
the preform preheated to 1000 ◦C. Two-stage pressure of 80 and 150 MPa was applied in order to
ensure that the resulting hybrid composite contains no pores. Saffil fibers exhibited a mean length
of 78 ± 16 μm and were 3 μm in diameter (measured after squeeze casting). Nearly equiaxial SiC
particles of an irregular shape were about 9 μm in size.

A scanning electron microscope (SEM) (ULTRA PLUS, Carl Zeiss GmbH, Oberkochen, Germany)
equipped with a dispersive X-ray spectrometer (EDS) (X-MAX, Oxford Instruments, Abingdon,
England) was used for the microstructure characterization and analysis of the fracture surfaces of
the prepared composite. An Everhar–Thornley-type secondary electron (SE) (Oxford Instruments,
Abingdon, England) detector and a four-quadrant silicone back-scattered electron (BSE) (Oxford
Instruments, Abingdon, England) detector were used to reveal material structural features. Geometry
of the samples and the testing procedure corresponded to the EN ISO 6892-1 standard. Samples were
not thermally treated preliminarily. Samples for deformation tests were cut from the cast ingot so that
the stress axis was parallel to the fiber plane, as indicated in Figure 1. Flat specimens used for the
tensile tests had an active length of 30 mm, a width of 8 mm, and a thickness of 3 mm. Cylindrical
specimens for compression tests were prepared to have a diameter of 8 mm and a length of 12 mm.

240



Metals 2018, 8, 133

Before the compression tests, the grip heads of the testing machine were lubricated with MoS2. For both
tensile and compression tests, three samples were used. Mechanical tests were carried out at room
temperature (23 ± 2 ◦C) in a Zwick Z250 PC controlled testing device (Zwick GmbH & Co., Ulm,
Germany) with a constant cross head speed of 1 mm·min−1, giving the strain rate of 5.5 × 10−4 s−1

(tension) and 1.4 × 10−3 s−1 (compression). True stress–true plastic strain curves were computed.
Characteristic tensile/compression yield stress (TYS/CYS) and ultimate tensile/compression strength
(UTS/UCS) were estimated together with the strain-to-fracture, εf.

 
Figure 1. Sample positions in the casting.

The resonant frequency and damping analyzer RFDA HT650 (Integrated Material Control
Engineering, Genk, Belgium) was used for the Young’s modulus measurements. Samples had a shape
of bending beams (l = 23 mm, w = 3.6, t = 3.2 mm) with the longest axis either parallel (L-samples)
or perpendicular (T-samples) to the fiber plane. Samples were mechanically excited into vibrations
and the resonant frequency was determined. The Young’s moduli were calculated for both types of
samples using the resonant frequencies.

3. Results and Discussion

3.1. Microstructure Analysis

The QE22 magnesium alloy used in this study contained 2.59 wt % Ag and 1.47 wt % mischmetal
(mainly Nd, with Pr, Ce, and La). The microstructure of the QE22 magnesium alloy shown in
Figure 2a,b is composed of α grains consisting of a solid solution of alloying elements in Mg and
precipitates situated at the grain boundaries. The elements analysis (EDS results) introduced in
Figure 2c shows that particles at the grain boundaries are Mg3(Ag,RE) (63.6 wt % Mg, 17.9 wt % Ag,
and 18.5 wt % RE) eutectics [22].

The microstructure of the hybrid composite is shown in Figure 3a,b. It is obvious that the
distribution of SiC particles is not uniform; particles formed small clusters in the vicinity of fibers.
Bright small needles visible in Figure 3 are the edges of dielectric SiC particles, which were charged
with electrons during scanning. Kiehn et al. [34] found that the matrix in the QE22 alloy reinforced
with Al2O3 fibers changed its chemical composition due to an increased content of Al introduced
into the matrix from the inorganic binder in the preform. Al substitutes Ag in the precipitates which
remains dissolved in the matrix. The grain size of the QE22 alloy was estimated to be (45.4 ± 0.8) μm
and for the composite (6.2 ± 0.8) μm. The grain size was estimated using a linear intercept method
from the light micrographs.
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Figure 2. Back-scattered electron (BSE) scanning electron micrograph of the QE22 alloy (a); a closer view
of the precipitates (b); the distribution of main alloying elements in the alloy determined by EDS (c).

 

Figure 3. The microstructure (BSE mode) of the hybrid composite (a); a closer view of a fiber surrounded
by SiC particles (b).

3.2. Elastic Properties

Unidirectionally continuous fiber-reinforced MMCs have shown a linear Young’s modulus
increase with increasing fiber volume fraction in the fibers direction [11]. A Young’s modulus increase
in the fibers direction is in agreement with the rule of mixtures, while a modulus increase in the
transversal direction is very low. Particles in MMCs affect the modulus much less than predicted by
the rule of mixtures. Experimentally determined Young’s modulus values for the hybrid L-sample,
EL

H(ex) = 74.5 GPa, and the T-sample, ET
H(ex) = 71.2 GPa, are reported in Table 1. By comparing the

experimental modulus values with the values obtained using the rule of mixtures (EROM
H ), we can

see that the measured moduli are substantially lower and exhibit certain anisotropy. The modulus
measured on the L-sample is higher than that of the T-sample.
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Table 1. Experimental moduli values of the matrix (Em), fibers (ESaffil), particles (ESiC), hybrid L-sample
EL

H(ex), and hybrid T-sample ET
H(ex). Calculated moduli values for Mg + Saffil in the L direction

EL
C(th), Mg + Saffil in the T direction ET

C(th), and theoretical values of the hybrid moduli in both
directions, EL

H(th) and ET
H(th), data from [35–37].

Em ESaffil ESiC EL
C(th) ET

C(th) EL
H(th) ET

H(th) EL
H(ex) ET

H(ex) EH(ROM)

GPa GPa GPa GPa GPa GPa GPa GPa GPa GPa

44.1 300 410 61.42 48.6 76.5 61.5 74.5 71.1 118.5
[35] [36] [37] - - - - - - -

For material exhibiting certain anisotropy, the self-consistent Halpin–Tsai–Kardos model,
originally developed for polymer composites, is more suitable [38,39]. Calculation of Young’s moduli
for the hybrid composite samples according to the Halpin–Tsai–Kardos model can be divided into
two steps. In the first step, the Young’s modulus, EC, of the fibers composite QE22 + 5 vol % Saffil
(and for both orientations of the fiber plane) is calculated. The Young’s modulus of the hybrid
composite, EH, with short fibers and SiC particles is computed in the second step. The modulus in the
longitudinal direction (fiber plane is parallel to the longest sample axis) may be expressed as:

EL
C = Em

1 + 2L
d ηLν f

1 − ηLν f
, ηL =

Ef
Em

− 1
Ef
Em

+ 2L
d

(1)

where Em is the modulus of the QE22 matrix alloy, Ef the modulus of the Saffil fibers, L the length,
and d the diameter of the reinforcing fibers; νf is the volume fraction of the fibers. The transversal
modulus (perpendicular to the fiber plane) can be determined as:

ET
C = Em

1 + 2ηTν f

1 − ηTν f
, ηT =

Ef
Em

− 1
Ef
Em

+ 2
(2)

Calculated values of both moduli, EL
C(th) and ET

C(th), are reported in Table 1 together with the
experimentally obtained values of the matrix and Saffil moduli. Anisotropy of the material is reflected
by different values calculated for longitudinal and transversal moduli. Calculated moduli, EL

C(th) and
ET

C(th), were used for estimation of hybrid composite moduli according to following equations:

EL
H = EL

C
1 + A.BLνp

1 − Bνp
, A =

7 − 5νp

8 − 10νp
, BL =

Ep − EL
C

Ep + A.EL
C

(3)

and

ET
H = ET

C
1 + A.BTνp

1 − Bνp
, A =

7 − 5νp

8 − 10νp
, BT =

Ep − ET
C

Ep + A.ET
C

(4)

where Ep is the Young’s modulus of SiC particles, and νp their volume fraction.
By comparing the calculated moduli of the hybrid composite, EL

H(th) and ET
H(th), with the

experimentally obtained values, EL
H(ex) and ET

H(ex), it is obvious that the agreement is much better
than in the case of the rule of mixtures. The agreement of the measured values with the theoretical
predictions is not ideal, because the real composite does not fully comply with the theoretical
assumptions: fibers are not aligned in one direction (fibers have only planar isotropic distribution),
particles are not regularly distributed in the matrix, and fiber length is not uniform. The model,
however, depicts the experimentally observed composite anisotropy very well. Generally, it is possible
to conclude that the transversal modulus, compared with the longitudinal modulus, is less influenced
by the presence of reinforcing fibers. This result is in agreement with the results obtained on Al–Li
composites reinforced with short fibers reported by Chawla [11].
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3.3. Plastic Deformation

True stress–true strain curves measured in tension for the monolithic QE22 alloy and hybrid
composite are presented in Figure 4a. The tensile yield stress and the ultimate tensile strength values
are reported in Table 2. A much greater amount of stress is necessary for the plastic deformation of
the hybrid composite compared to the monolithic alloy. Furthermore, the work hardening coefficient
θ = dσ/dε is higher for the composite.

(a) (b) 

Figure 4. True stress–true strain curves of the QE22 matrix alloy and the hybrid composite in tension
(a) and compression (b).

Table 2. Characteristic stresses and the strain-to-fracture ratio obtained in tension and compression.

Material
TYS CYS UTS UCS εf εf

MPa MPa MPa MPa Tension Compression

QE22 alloy 108.3 100.5 151.4 260.3 0.02 0.22
composite 207.6 243.4 247.3 431.4 0.006 0.06

True stress–strain curves obtained in the compression test are given in Figure 4b. Again, a big
difference between the hybrid composite and the unreinforced alloy is clearly observed. Characteristic
stresses estimated for both materials in compression are shown in Table 2, together with the plastic
strain-to-fracture ratio, εf.

The plasticity of the alloy and the composite in tension was found to be very low, which is often
observed in cast magnesium alloys [40]. Note also the anisotropy observed for both materials: the yield
stress found in tension and compression are different. While the CYS estimated for the matrix alloy is
lower than the TYS, the CYS in the hybrid composite is higher. These differences may be ascribed to the
different deformation and strengthening mechanisms operating in the composite and the matrix alloy in
tension and compression. The observed asymmetry of the TYS and CYS estimated for the matrix alloy
is typical for magnesium alloys. Máthis et al. studied acoustic emission signals during the deformation
of magnesium samples with different grain sizes. They found strong asymmetry in acoustic emission at
temperatures lower than 200 ◦C corresponding to the activity of twin formation [41]. They concluded
that different deformation mechanisms are active in tension and compression. While mainly dislocation
glide facilitates plastic deformation in tension, mechanical twinning at the beginning of plastic
deformation is the controlling mechanism in compression. This asymmetry depends also on the
microstructure: it diminishes with increasing grain size. Twin boundaries that readily form during
the compression test are impenetrable obstacles for dislocation motion. Therefore, twin formation
contributes to an enhanced strain hardening of the material loaded in compression.

The presence of fibers or particles in a composite material influences the microstructure and
straining via different mechanisms, which are summarized in Table 3. Usually, there is a large
difference between the thermal expansion coefficient (CTE), α, of the metallic matrix and the ceramic
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reinforcement. The cooling down from manufacturing to room temperature generates thermal stresses
in the composite. In this manner, the yield stress can be achieved in the matrix, and new thermal
dislocation loops are punched [42]. Because of the incompatibility of the metallic matrix and the
ceramic reinforcing phase, dislocations geometrically necessary are created during plastic deformation
and contribute to the enhanced dislocation density [43]. The stress increase, ΔσD, due to increased
density of thermal dislocations, ρT, and dislocations geometrically necessary, ρG, may be calculated
using the known Taylor formula. The load transfer mechanism may be considered an important
reinforcing mechanism. The stress increase due to load transfer, ΔσLT, was theoretically treated by
several authors [44–48]. Nardone and Prewo [48] calculated the stress increase due to load transfer,
σLT, for the aligned short fibers in the matrix, respecting the fact that fibers with the higher aspect
ratio L/d contribute more to the composite strengthening; on the other hand, anisotropy of the material
increases. Because not all fibers are oriented into the stress axis (but only the fiber plane) in the
studied hybrid composite, it is necessary to calculate the load transfer component of the stress, β.ΔσLT,
where β = 0.6 is the mean value of the direction cosines. For uniaxial particles, the load transfer value
is ΔσLT = 0.5σmνp [49]. Discontinuously reinforced MMCs typically exhibit a finer grain structure
compared with the unreinforced matrices [50]. The contribution of this refinement to the yield stress can
be estimated using the Hall–Petch relationship [51]. Moreover, Orowan strengthening is also present
as a result of the elastic behavior of dislocation segments passing stiff, closely spaced particles [52,53].
In MMCs, where distances between particles are of the order of μm, this mechanism usually plays
only a marginal role. Newly created dislocations in the matrix partially accommodate thermal stresses.
However, some tensile residual stresses remain in the matrix and either decrease (tension) or increase
(compression) the stress necessary for plastic deformation [54].

Table 3. Individual contributions to strengthening following from the presence of the reinforcing phase.

Mechanism Equation Symbols

Increased dislocation density
due to thermal strain ΔαΔT

ρT =
Bν f ,pΔαΔT
b(1−ν f ,p)

1
t

b Burgers vector of dislocations,
B = 12 (p) B = 10 (f),

t minimum size of (f) or (p)

Dislocation geometrically
necessary ρG =

ν f ,p8εp
bt

εp plastic strain, νf,p volume
fraction of fibers/particles

Enhanced dislocation density ΔσD = α1mGb(ρT + ρG)
1/2 α1 constant, m Taylor factor,

G shear modulus

Load transfer ΔσLT = σLT − σm = σmν f
(L+d)( L

d )
4L

L fibers length,
d fibers diameter

Hall–Petch strengthening ΔσGS = Ky

(
d−1/2

2 − d−1/2
1

) d1, d2 grain sizes,
Ky Hall–Petch constant

Orowan strengthening ΔσOR = Gb
Λ + 5

2π Gν f ,p εp
Λ distance between particles or

fibers ends

Residual thermal stresses 〈σm〉max = 2
3 σm ln

(
1

ν f ,p

)
ν f ,p

1−ν f ,p
σm yield stress in matrix

Individual strengthening terms were calculated using constants introduced in Table 4 and are
reported in Table 5.

Table 4. Constants used for calculations of the strengthening terms, data from [55–60].

α (QE22) α (Saffil) α (SiC) Ky (Mg) α1 G b m

K−1 K−1 K−1 MPa·mm1/2 - GPa m -

26 × 10−6 6 × 10−6 6.6 × 10−6 10 0.35 17 3.2 × 10−10 4.5
[55] [56] [57] [58] [59] - - [60]
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Table 5. Individual contributions to strengthening of the hybrid composite.

Deformation
Mode

YS (A) YS (M) ΔσLT ΔσD ΔσOR ΔσGS <σm>max σtot YS (ex)

MPa MPa MPa MPa MPa MPa MPa MPa MPa

tension 108.3 144.2 29.2 + 10.8 35.9 2 25.2 - 202.4 207.6
compresion 100.5 136.4 27.6 +10.2 35.9 2 25.2 26.9 229.3 243.4

In Table 5, YS (A) represents the yield stress of the unreinforced alloy, YS (M) is the yield stress in
the matrix of the composite, and σtot is the calculated theoretical value for the hybrid composite yield
stress. From Table 5, it is obvious that the main strengthening contributions in the hybrid composite
are the load transfer, the increased dislocation density, and the small grain size of the composite matrix.

The load transfer term was obtained experimentally by Farkas et al. using neutron diffraction
in situ measurements [61]. The authors found a load transfer value of about 100 MPa for the AX61
composite containing 26 vol % Saffil fibers. Taking into account the lower volume fraction of the
strengthening fibers/particles and the lower strengthening contribution of particles to the load transfer,
the calculated value ~30 MPa seems to be a good approximation of the load transfer real value for the
studied composite. Mean residual stresses in the matrix were measured in magnesium-based MMCs
by Farkas et al. ex situ [62] and in situ using neutron diffraction [61,63]. They found a higher <σm>max

than that of the calculated estimation according to the equation reported in Table 3. In fact, in the
first approximation, the difference between the TYS and CYS can be considered the residual thermal
stress (RTS), as is schematically depicted in Figure 5. Difficulties with the appropriate combination of
individual strengthening terms were solved by Lilhold [64] and Clyne and Whithers [65]. The stress
contributions, which act more or less uniformly throughout the matrix, may be superimposed linearly.
It follows from Table 5 that a simple sum of the strengthening terms gives a good approximation for
the composite offset yield stresses.

Figure 5. Schematic explanation of the composite tension–compression anisotropy.

3.4. Fractographic Analysis

The fracture surface of the matrix alloy after the tensile test is shown in Figure 6a. The fracture
mechanism is intercrystalline; the crack propagated along the grain boundaries. Eutectics situated at
the grain boundaries in the naked crystal planes are more visible in Figure 6b (taken in back-scattered
electron mode). Secondary cracks along the grain boundaries document that the eutectics present at
the grain boundaries reduce their cohesive strength. Broken eutectic particles act as the crack initiation
sites and the grain boundaries become a favorable path for the crack propagation. This is also the
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reason for the low ductility of this alloy. In Figure 6a, the twin boundary fracture is visible in several
places. Twin boundary fracture is a typical failure mechanism in the QE22 magnesium alloy [66].

 

Figure 6. Scanning electron micrograph of the alloy fracture surface after the tensile test (a) the same
location taken in BSE mode (b).

The scanning electron micrographs of the composite fracture surface are reported in Figure 7a,b.
Uncovered fibers and particles are characteristically observed. A transcrystalline fracture mechanism
can be seen in the case of the hybrid composite. Broken Saffil fibers and SiC particles are visible on
the fracture surface shown in Figure 7. The bright needles discernible in the BSE representation are
the edges of SiC particles charged in the microscope via the applied electron field. No pulling out
of fibers and SiC particles from the matrix alloy due to applied tensile loading was observed on the
composite fracture surface after the failure. This gives evidence of a strong bonding between the
matrix alloy and the reinforcing fibers and particles. No traces of twinning were observed in the
matrix areas of the fracture surface. A smaller grain size of the composite matrix reduces twinning [41],
and only a transcrystalline fracture can take place. Besides reinforcement strengthening (presented
in the form of increased dislocation density, a load transfer change, and Orowan strengthening),
grain boundary strengthening (i.e., the Hall–Petch mechanism) was revealed by the hybrid composite’s
fracture surface characteristics. The results of the fractographic analysis are, therefore, in agreement
with the theoretically obtained results.

 

Figure 7. Fracture surface of the hybrid composite after straining in the tension test (a); the same
location taken in BSE mode (b).
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4. Conclusions

The elastic, plastic, and fracture properties of a MMC consisting of a QE22 magnesium alloy
matrix reinforced with Saffil fibers and SiC particles were studied at room temperature. The following
conclusions may be drawn based on the obtained results:

• Young’s modulus measurements exhibited anisotropy owing to the 2D fiber distribution.
• The Halpin–Tsai–Kardos self-consistent model was successfully used to model the Young’s

modulus anisotropy, and the results are in good agreement with the experimentally obtained data.
• The presence of reinforcing fibers and particles substantially increased both tensile and

compression deformation flow stresses.
• The ductility of the hybrid composite was radically decreased compared to the cast matrix alloy.
• The load transfer, the increased dislocation density, and the Hall–Petch strengthening are the

main reinforcing mechanisms in the case of studied hybrid composite.
• Fracture of the matrix is mainly intercrystalline due to brittle eutectics present at the

grain boundaries.
• Fracture of the hybrid composite is transcrystalline; no pulling out of the reinforcing fibers or

particles was observed.
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56. Rudajevová, A.; Gärtnerová, V.; Jäger, A.; Lukáč, P. Influence of the thermal strain on the dilatation
characteristics of Mg8Li and Mg10Li alloys. Kov. Mater. 2004, 42, 185–192.

57. Lide, D.R. (Ed.) Handbook of Chemistry and Physics, 73rd ed.; CRC Press: Boca Raton, FL, USA, 1992;
ISBN 978-0849304736.

58. Ono, N.; Nakamura, K.; Miura, S. Influence of Grain Boundaries on Plastic Deformation in Pure Mg and
AZ31 Mg Alloy Polycrystals. Mater. Sci. Forum 2003, 419–422, 195–200. [CrossRef]

59. Lavrentev, F.F.; Pokhil, Y.A. Relation of dislocation density in different slip systems to work-hardening
parameters for magnesium crystals. Mater. Sci. Eng. 1975, 18, 261–270. [CrossRef]
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62. Trojanová, Z.; Farkas, G.; Máthis, K.; Lukáč, P. Hardening and softening in an AJ51 magnesium alloy
reinforced with Saffil fibres. In Magnesium Technology 2014; Alderman, M., Manuel, M.V., Hort, N.,
Neelameggham, N.R., Eds.; TMS (The Mineral, Metals and Materials Society): Pittsburgh, PA, USA, 2014;
pp. 435–440, ISBN 9781118888162.

63. Farkas, G.; Choe, H.; Máthis, K.; Száraz, Z.; Noh, Y.; Trojanová, Z.; Minárik, P. In situ investigation of
deformation mechanisms in magnesium-based metal matrix composites. Met. Mater. Int. 2015, 21, 652–658.
[CrossRef]

64. Lilholt, H. Additive strengthening. In Deformation of Multi-Phase and Particle Containing Materials, Proceedings
of the 4th Risø International Symposium on Metallurgy and Materials Science, Risø, Roskilde, Denmark, 5–9 September
1983; Bilde-Sørensen, J.B., Hansen, N., Horsewell, A., Leffers, T., Lilholt, H., Eds.; Risø National Laboratory:
Roskilde, Denmark, 1983; pp. 381–392.

65. Clyne, T.W.; Whithers, P.J. An Introduction to Metal Matrix Composites; Cambridge University Press:
Cambridge, UK, 1993; ISBN 9780511623080.

66. Khan, F.; Panigradi, S.K. Age hardening, fracture behavior and mechanical properties of QE22 Mg alloy.
J. Magnes. Alloy. 2015, 3, 210–217. [CrossRef]

© 2018 by the authors. Licensee MDPI, Basel, Switzerland. This article is an open access
article distributed under the terms and conditions of the Creative Commons Attribution
(CC BY) license (http://creativecommons.org/licenses/by/4.0/).

251



metals

Article

Nano-ZnO Particles’ Effect in Improving the
Mechanical Response of Mg-3Al-0.4Ce Alloy

Sravya Tekumalla 1, Najib Farhan 1, Tirumalai S. Srivatsan 2 and Manoj Gupta 1,*

1 Department of Mechanical Engineering, National University of Singapore, 9 Engineering Drive 1,
Singapore 117576, Singapore; tvrlsravya@u.nus.edu (S.T.); a0096649@u.nus.edu (N.F.)

2 Department of Mechanical Engineering, University of Akron, Akron, OH 44325, USA; tss1@uakron.edu
* Correspondence: mpegm@nus.edu.sg; Tel.: +65-6516-6358

Academic Editor: Hugo F. Lopez
Received: 13 October 2016; Accepted: 9 November 2016; Published: 11 November 2016

Abstract: Magnesium based nanocomposites, due to their excellent dimensional stability and
mechanical integrity, have a lot of potential to replace the existing commercial Al alloys and steels
used in aerospace and automotive applications. Mg-Al alloys are commercially used in the form of
AZ (magnesium-aluminum-zinc) and AM (magnesium-aluminum-manganese) series in automobile
components. However, the Mg17Al12 phase in Mg-Al alloys is a low melting phase which results
in a poor creep and high temperature performance of the alloys. Rare earth additions modify the
phase and hence improve the properties of the materials. In this paper, Ce and nano ZnO particles
were added to Mg-Al alloys to attain a favorable effect on their properties. The developed materials
exhibited promising properties in terms of thermal expansion coefficient (CTE), hardness, and
tensile strength. Further, the ZnO addition refined the microstructure and helped in obtaining a
uniform distribution, however without grain size refinement. The increased addition of ZnO and the
improvement in the distribution led to an enhancement in the properties, rendering the materials
suitable for a wide spectrum of engineering applications.

Keywords: Mg-3Al-0.4Ce alloy; nano ZnO particles; uniform distribution; strength

1. Introduction

The extraction and utilization of magnesium (Mg) in significant amounts started only in the 20th
century, despite the fact that the discovery of Mg by Sir H. Davy dates back to 1808 [1]. Mg, with a
density of 1.738 g/cm3, is one of the lightest engineering and structural metals available on the earth,
with its density being about two-thirds that of aluminium and one-fourth that of steel [2]. Therefore,
there is an increasing interest in the usage of Mg in certain engineering industries, specifically in
the automobile, electronic, and aviation industries. In the above mentioned sectors, for material
selection, weight of the components is one of the most crucial criteria, thus giving light metals such
as Mg a lot of potential for applications. Besides low density, Mg based materials also display other
beneficial properties such as specific mechanical strength, excellent damping capacity, good castability,
machinability, thermal stability, weldability, and resistance to electromagnetic radiation [2]. However,
despite these advantages, Mg has limited ductility under tensile deformation loads, poor elastic
modulus, and low resistance to creep at high temperatures. As Mg has a Hexagonal Close Packed
(HCP) crystal structure, at ambient temperatures, deformation is, thus, confined to a few modes such
as basal slip and twinning. Due to fracture (transgranular and intergranular) at basal planes or twin
zones, pure Mg shows a tendency for low ductility [1]. There is also a tension-compression yield
asymmetry, and a significant difference in tensile and compressive yield strengths exhibited by Mg,
which narrows the opportunities of Mg in structural applications. To circumvent these limitations,
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Mg is alloyed with other elements, such as aluminium, zinc, zirconium, rare earths, etc., to improve
strength, ductility, corrosion resistance, and other properties [1].

Among different alloying constituents, Al addition seems to have favourable effects on magnesium
as it leads to increases in strength and ductility. Despite several extensive research studies and
characterizations on magnesium-aluminium alloys, the main focus was laid on specific materials,
such as AZ31, AZ61, and AZ91 [1]. Other potential alloying elements with Mg would be rare earth
(RE) metals, which have been known for many years [1]. Furthermore, RE metals also are promising
for increasing strength and ductility [3] when alloyed to Mg. However, one limitation of RE metals
is the high cost, limiting their usage. Furthermore, the solubility of RE metals in Mg is not very
high, hence, increase in the content of solute RE concentration reduces strength [4]. The results of
literature studies showed that the addition of 0.4% Ce [5] yields the best properties of tensile strength
and ductility and no research has been done to study the effect of reinforcement on Mg-Al-Ce alloys.
Furthermore, reinforcement with nano-particulates is also another possibility to improve the properties
of Mg. Previously reported literature shows that the improvement in strength and ductility was
highest with the addition of nano-scale ZnO [6]. Furthermore, it may also be noted that the ZnO
nanoparticle addition helped in reducing the tension-compression yield asymmetry (tensile yield
strength/compressive yield strength) [6].

Accordingly, the aim of the current work was to develop Mg-Al-RE nanocomposites through the
integration of aluminium, nano zinc oxide, and a rare earth element (Ce) using the Disintegrated Melt
Deposition (DMD) technique followed by hot extrusion. Microstructure and mechanical properties
are studied and critically analysed. The developed materials are expected to be promising in
many engineering applications that include high performance automobile components such wheels
(by replacing currently used AM60 alloys), transmission case, bumper beam, etc.

2. Materials and Methods

2.1. Materials

Mg was obtained in the form of turnings from Acros Organics, NJ, USA, with 99% purity.
Al was obtained in powder form with a size of 7–15 μm from Alfa Aesar, with 99.5% purity.
Ce was incorporated by using Mg-30 wt. % Ce master alloy procured from Sunrelier Metal Co.,
Limited, Pudong, Shanghai, China. ZnO was obtained in the form of powder from Nanostructured
and Amorphous Materials (Houston, TX, USA). The powder exhibited a particle size of less than
200 nm and an average particle size of 90 nm.

2.2. Primary Processing

Synthesis of the Mg-3Al-0.4Ce alloy using magnesium turnings, Al powder, and Mg-Ce master
alloy was carried out using the disintegrated melt deposition (DMD) technique [7]. Synthesis of the
alloy involved heating the Mg turnings with the addition of respective weights of Al powder and
Mg-Ce master alloy in a graphite crucible to 750 ◦C using an electrical resistance furnace and an
atmosphere of inert argon gas. The superheated melt was then stirred (at 465 rpm for 5 min) and
bottom-poured into a steel mold (following disintegration by two jets of argon gas oriented normal to
the melt stream). This technique displays the advantages of spray processing and conventional casting
i.e., utilizing higher superheat temperatures and lower impinging gas jet velocities to produce the
bulk composite material. The advantage of using this technique is to obtain a uniform distribution of
reinforcements, fine equiaxed grains, and low porosity in the materials due to the rapid solidification
of the atomized melt leading to an improvement in properties. An ingot of 40 mm diameter was
obtained following the deposition stage. This technique was repeated for the other compositions,
which contained ZnO nanoparticles.
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2.3. Secondary Processing

2.3.1. Pre-Extrusion

The 40 mm diameter ingots, obtained from casting, were machined down to a diameter of 36 mm.
Further, billets with lengths of approximately 45 mm were cut and machined.

2.3.2. Extrusion

The billets were, first, soaked at 400 ◦C for 1 h in a furnace, before extrusion. Extrusion was done
at 350 ◦C on a 150 tonne hydraulic press. An extrusion ratio of 20.25:1 was used to produce rods of
8 mm diameter.

2.3.3. Post-Extrusion

After extrusion, the rods were machined to the required sample dimensions: dog bone shaped
tensile test specimens with a gauge diameter of 5 mm. Samples were also prepared for other
characterisation tests.

2.4. Characterisation

2.4.1. Density and Porosity

Density measurements were performed in accordance with the Archimedes’ principle on eight
randomly selected samples taken from the extruded rods. The experimental density measurements
involved weighing samples in air and in distilled water. Theoretical densities of materials were
calculated assuming the samples are fully dense to measure the volume percentage of porosity in
the end materials. The porosity was calculated by using the theoretical and experimental densities.
An electronic balance (A&D HM-202, Bradford, MA, USA) with an accuracy of ±0.0001 g was used for
all the measurements.

2.4.2. Microstructure

Microstructural characterization studies were conducted on metallographically polished extruded
samples to investigate morphological characteristics of grains, reinforcement distribution, and
interfacial integrity between the matrix and reinforcement. Picric acid was used as the etching
solution. The sample was then analysed using the Leica DM2500 M metallographic optical microscope
equipped with a Leica E3 digital colour camera (procured from Baldock, UK). Scion image analysis
software was used to determine the grain size and morphology of the samples. The presence and
distribution of the secondary phases as well as reinforcement was studied using the JEOL JSM-5600LV
Scanning Electron Microscope (SEM) (procured from Tokyo, Japan).

2.4.3. X-ray Diffraction

X-ray diffraction (XRD) analysis of the samples was performed using the automated Shimadzu
LAB-X XRD-6000 X-ray diffractometer (procured from Tokyo, Japan). The specimens, approximately
5 mm in height, were exposed to CuKα radiation (λ = 1.54056 Å) at a scanning speed of 2◦/min.
The scanning range was 20◦–80◦ for all samples. The graph intensity against 2θ (θ represents the Bragg
angle) was obtained, illustrating peaks at different Bragg angles. The Bragg angles corresponding
to different peaks were noted, and the values of interplanar spacing (d-spacing) obtained from the
computerized output were compared with the standard values from the Powder Diffraction File (PDF).

2.4.4. Coefficient of Thermal Expansion

Coefficient of Thermal Expansion (CTE) values were measured using a thermo mechanical analysis
instrument “INSEIS TMA PT 1000LT” (procured from Tokyo, Japan). A heating rate of 5 ◦C/min was
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maintained with an argon flow rate of 0.1 lpm. Using an alumina probe, the displacement of the test
samples was measured as a function of temperature.

2.4.5. Microhardness

Microhardness measurements were obtained using the Shimadzu HMV automatic digital
microhardness tester (procured from Tokyo, Japan) with a Vickers indenter (square-based
pyramidal-shaped diamond indenter with a face angle of 136◦). Cylindrical samples were prepared
and polished. Tests were conducted in compliance with ASTM test method E384-11e1. A 25 g force load
was applied with a dwell time of 15 s. Three samples were prepared per composition and 10 readings
were taken per sample for an accurate and consistent result. Indentations and the microhardness
readings were recorded in Vickers Hardness number (HV).

2.4.6. Tensile Test

Tensile tests were performed using the MTS 810 machine (procured from Eden Prairie, MN,
USA). Specimens of 5 mm diameter and 25 mm gauge length were prepared. Tests were conducted in
compliance with ASTM test method E8M-13a. The crosshead speed was 2.54 × 10−4 m/min−1 (strain
rate: 0.01 min−1). Five samples were tested per composition to obtain more accurate and consistent
results. Fractured specimens were studied under SEM to analyse the fracture features.

3. Results and Discussion

3.1. Density and Porosity

The results of addition of ZnO nano-particulates show an increase in the density, but only
marginally. While porosity values do not manifest any particular trend, the values remained relatively
insignificant. The results for density and porosity can be found in Table 1. Within the synthesised
materials, a positive trend was noticed with the addition of ZnO nano-particulates in terms of
density. This is expected to be due to the high density of ZnO (5.61 g/cc) as compared to that
of Mg. Furthermore, the addition of increasing amounts of ZnO nano-particulates increased the
porosity of the alloy. The same trend was noticed in other studies on nano-composites [7]. The highest
porosity was recorded for the Mg-3Al-0.4Ce-2.5ZnO nanocomposite. This is due to the possible
clustering effects caused by the increased addition of nano-reinforcements (a limitation of the casting
technique). Nevertheless, the absolute porosity values are relatively low, with the highest recorded
porosity value being about 1%. Thus, obtaining nanocomposites with <1% porosity was achieved and
is accredited to the secondary processing (extrusion and the extrusion ratio).

Table 1. Density, Porosity, and Grain size results.

Composition
Experimental

Density (g/cm3)
Theoretical

Density (g/cm3)
Porosity (%) Grain Size (μm)

Mg-3Al-0.4Ce 1.759 ± 0.013 1.762 0.201 6.5 ± 1.5
Mg-3Al-0.4Ce-1.5ZnO 1.779 ± 0.012 (↑ 1.13%) 1 1.781 0.120 6.4 ± 1.5
Mg-3Al-0.4Ce-2ZnO 1.783 ± 0.013 (↑ 1.36%) 1 1.787 0.235 6.1 ± 1.5
Mg-3Al-0.4Ce-2.5ZnO 1.774 ± 0.028 (↑ 0.85%) 1 1.794 1.080 6.0 ± 1.6

1 (↑ x%) corresponds to an increase in the density by x% as compared to the monolithic alloy.

3.2. Microstructure/Phase Analysis

3.2.1. Grain Size Analysis

Nearly similar grain morphology was noticed when the samples were studied under the optical
microscope. The results and images of the grain size and morphology are shown in Table 1 and
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Figure 1a–d. The addition of ZnO did not affect the grain size of the monolithic alloy, considering the
standard deviation.

  
(a) (b) 

  
(c) (d) 

Figure 1. Images observed under an optical microscope for: (a) Mg-3Al-0.4Ce;
(b) Mg-3Al-0.4Ce-1.5ZnO; (c) Mg-3Al-0.4Ce-2ZnO and (d) Mg-3Al-0.4Ce-2.5ZnO.

3.2.2. Microstructure Analysis

Figure 2a–d shows the secondary phase distribution in the alloy and the nanocomposites.
The images indicate the reduced size of the secondary phases and the improved phase and
reinforcement distribution with an increase in the amount of ZnO particles.

  
(a) (b) 

  
(c) (d) 

Figure 2. Images observed under SEM for: (a) Mg-3Al-0.4Ce; (b) Mg-3Al-0.4Ce-1.5ZnO;
(c) Mg-3Al-0.4Ce-2ZnO and (d) Mg-3Al-0.4Ce-2.5ZnO.
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3.2.3. Phase Analysis

The XRD patterns confirmed the existence of secondary phases as shown in Figure 3. The peaks
seen in the obtained patterns are correlated with the standard diffraction patterns obtained from the
Powder Diffraction File data (PDF). The following phases were confirmed to be present in all the
synthesized compositions, in varying intensities: α-Mg, Mg17Al12, Al11Ce3, (Al,Mg)2Ce.

 

Figure 3. X-ray diffraction patterns.

No peaks corresponding to the Mg-Ce intermetallic phases were observed from the XRD patterns.
This is ascribed to be due to the greater affinity of Ce towards Al [8], therefore, forming a Al11Ce3

phase instead of a Mg-Ce phase. From the SEM images in Figure 2, for alloy and nanocomposites,
blocky shaped structures and rod-like structures were observed in the matrix. Spherical structures
were also observed only in the case of nanocomposites.

From the energy dispersive spectroscopy (EDS) results in Figure 4, the following inferences are
made: (i) The matrix correspond to Mg-Al solid solution; (ii) blocky shaped structures correspond to the
Mg17Al12 phase (iii) rod-like structures are a combination of a phase containing Mg, Al, and Ce. While
this could be either the Al11Ce3 phase or (Al,Mg)2Ce phase, previous research has shown that Al11Ce3

phase has a needle-like structure [9] and is the more dominant phase compared to (Al,Mg)2Ce [10].
Furthermore, XRD results also suggests that more peaks were observed for Al11Ce3 phase. Thus, this
rod-like structure could be the Al11Ce3 phase. Further; (iv) the spherical structures are noted to be
ZnO nano-particles. Also, these structures were detected only on the materials containing the ZnO
particles. Furthermore, no evident peaks of ZnO were observed in the XRD patterns. This is due to the
inability of XRD to detect nano-length scale particles in low volume fractions.

 
(a) 

Figure 4. Cont.
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(b) 

(c) 

 
(d) 

Figure 4. EDS analysis of the phases (a) Mg-Al matrix; (b) circular Mg17Al12 phase; (c) rod shaped
Al11Ce3 phase and (d) ZnO nanoparticles (in a high magnification image of Mg-3Al-0.4Ce-1.5ZnO
showing nano-particle distribution).

Thus, from the microstructural characterization of the Mg-3Al-0.4Ce alloy and its ZnO reinforced
nanocomposites, the following points are to be factored in: (a) no drastic change in the grain
morphology or grain size among the alloy and nanocomposites and (b) a more uniform distribution of
the hard secondary phases and ZnO nano-particulates in the nanocomposites.

3.3. Coefficient of Thermal Expansion (CTE)

Thermal expansion refers to the tendency to change shape in response to a change in temperature,
occurring through heat transfer. The lesser the CTE value, the lesser the tendency for the material to
change shape when the temperature is increased. Thus, a material with lower CTE values indicates a
thermally stable material. The addition of Al and Ce corresponded to a drop in the CTE value of Mg.
Comparing Mg-Al-0.4Ce with Mg-3Al-0.4Ce-1.5ZnO, a further decrease in CTE value was noticed.
However, when the wt % of ZnO nano-particles increased, the CTE values increased. Nevertheless,
the addition of ZnO particles resulted in overall lower CTE values and thereby, more thermally stable
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materials in contrast with the monolithic alloy. Results of the CTE are shown Table 2. The obtained
results are due to the lower CTE value of ZnO as compared to that of Mg.

Table 2. CTE results.

Composition CTE (μK−1)

Mg-3Al-0.4Ce 25.52 ± 0.8
Mg-3Al-0.4Ce-1.5ZnO 22.03 ± 1.0
Mg-3Al-0.4Ce-2ZnO 24.16 ± 2.0

Mg-3Al-0.4Ce-2.5ZnO 24.36 ± 0.6

3.4. Mechanical Properties

3.4.1. Microhardness

The microhardness of Mg-3Al-0.4Ce alloy is seen to be much higher as compared to that of pure
Mg [5] and commercially available AZ31B [11]. This is due to the addition of a rare earth element.
Nayyeri et al. [12] reported an increase in hardness when RE metals were added to Mg-Al alloys,
due to the Al-RE intermetallic phase formation. Further, the increasing addition of ZnO nanopartices
progressively increased the microhardness of the nanocomposites (Table 3). This is due to the existence
of harder ZnO particles that can resist deformation under indentation loads [13].

Table 3. Tensile test results.

Composition
Microhardness

(Hv)
0.2% Offset Tensile

Yield Strength (MPa)
Ultimate Tensile
Strength (MPa)

Fracture Strain (%)

Mg-3Al-0.4Ce 105 ± 4 144 ± 8 232 ± 11 17 ± 1
Mg-3Al-0.4Ce-1.5ZnO 113 ± 3 (↑ 7.6%) 1 157 ± 8 (↑ 9%) 1 263 ± 8 (↑ 13%) 1 17 ± 5
Mg-3Al-0.4Ce-2ZnO 144 ± 4 (↑ 37.1%) 1 173 ± 11 (↑ 20%) 1 288 ± 11 (↑ 24%) 1 18 ± 2
Mg-3Al-0.4Ce-2.5ZnO 161 ± 5 (↑ 53.3%) 1 180 ± 7 (↑ 25%) 1 294 ± 9 (↑ 27%) 1 15 ± 2

Mg-3Al-0.2Ce [8] - 120 235 -
Mg-3Al-0.5Ce [8] - 125 230 -

1 (↑ x%) corresponds to an increase in the respective property by x% as compared to the monolithic alloy.

3.4.2. Tensile Properties

A trend similar to that of the microhardness results was observed for the results of the tensile
tests. An increase in the 0.2% offset yield strength and ultimate tensile strength was observed with the
progressive addition of ZnO to the Mg-3Al-0.4Ce alloy. The addition of ZnO displayed no significant
effect on the ductility. The overall tensile response assessed in terms of the energy absorption capability
prior to failure remained superior in the case of the nanocomposites. The results are found in Table 3
and Figure 5. When compared to the previously reported results on Mg-3Al-0.2Ce and Mg-3Al-0.5Ce
alloys [8] (similar processing conditions), it is observed that the materials synthesized in this study
possess superior strengths. Within the nanocomposites, the fracture strain and energy absorption
values increased from Mg-3Al-0.4Ce to Mg-3Al-0.4Ce-2ZnO and decreased for Mg-3Al-0.4Ce-2.5ZnO.
This could be due to a clustering effect of ZnO nanoparticles [14], as well as the increased porosity as
seen in Table 1 for the Mg-3Al-0.4Ce-2.5ZnO nanocomposite. Furthermore, an interesting observation
from the curves is that all the materials fractured at (or before realizing) their ultimate tensile strengths,
i.e., they had not undergone any deformation after reaching the peak values. This shows that the
ultimate failure has occurred at (or before) the peak stress. This occurs when the plastic strain at any
point in the material reaches the maximum value. The common stress concentration sites in all the
materials, in this study, are the rod shaped Al11Ce3 structures. These rods seemed to act as the stress
concentration sites, i.e., sites for continued local stresses. When the local stress at these sites reach the
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threshold stress, the materials begin to fail at these sites. Thus, the rod shaped Al11Ce3 is responsible
for the materials exhibiting this phenomenon.

Figure 5. Engineering tensile stress strain curves.

3.4.3. Fractography

The microscopic fracture features of the samples fractured in the tensile test are shown in Figure 6.
These images revealed pronounced ductile features due to plastic deformation. Typically, magnesium
materials exhibit cleavage features which are suggestive of their inability to deform plastically (due to
the HCP crystal structure). However, in the current study, the developed Mg-3Al-0.4Ce alloy and its
ZnO reinforced nanocomposites showed noticeable ductile features representing the occurrence of
pronounced plastic deformation, thus validating the tensile test results.

  
(a) (b) 

  
(c) (d) 

Figure 6. Fracture surfaces of the (a) Mg-3Al-0.4Ce alloy; (b) Mg-3Al-0.4Ce-1.5ZnO;
(c) Mg-3Al-0.4Ce-2ZnO and (d) Mg-3Al-0.4Ce-2.5ZnO nanocomposites.
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4. Conclusions

Synthesis of the Mg-3Al-0.4Ce alloy and its ZnO nano-particulate reinforced nanocomposites was
carried out using the DMD technique followed by hot extrusion. The microstructural and mechanical
properties were studied. With the current findings, the following can be concluded:

1. The processing methodology used in this study is capable of synthesizing the Mg-3Al-0.4Ce alloy
and its nanocomposites with porosities restricted to ~1%.

2. The addition of ZnO nanoparticles reduced the CTE of the Mg-3Al-0.4Ce alloy, resulting in more
dimensionally stable nanocomposites.

3. The addition of ZnO nano-particulates corresponded with the increase in the microhardness
of the Mg-3Al-0.4Ce alloy. A maximum microhardness was realized in the case of the
Mg-3Al-0.4Ce/2.5ZnO nanocomposite, with a value of 161 Hv.

4. The addition of an increasing amount of ZnO nanoparticles led to an increase in the 0.2% offset
yield strength and ultimate tensile strength, while strain to fracture remained unaffected. A
maximum yield strength of 180 MPa and ultimate tensile strength of 294 MPa was achieved for
the Mg-3Al-0.4Ce/2.5ZnO nanocomposite.

5. These superior mechanical properties, achieved with the addition of the ZnO nanoparticles,
are attributed to the uniform distribution of the secondary phases and the presence of
ZnO reinforcement.
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Abstract: The design and development of novel magnesium-based materials with suitable alloying
elements and bio-ceramic reinforcements can act as a possible solution to the ever-increasing demand
of high performance bioresorbable orthopedic implant. In the current study, Mg-β-tricalcium
phosphate composites are synthesized using the hybrid powder metallurgy technique, followed
by hot extrusion. The influence of addition of (0.5, 1, and 1.5) vol % β-tricalcium phosphate on the
mechanical, damping, and immersion characteristics of pure magnesium are studied. The addition of
β-tricalcium phosphate enhanced the yield strength, ultimate compressive strength, and compressive
fracture strain of pure magnesium by about ~34%, ~53%, and ~22%, respectively. Also, Mg 1.5 vol %
β-tricalcium phosphate composite exhibited a ~113% enhancement in the damping characteristics
when compared to pure magnesium. A superior ~70% reduction in the grain size was observed by the
addition of 1.5 vol % β-tricalcium phosphate particles to pure Mg. The response of Mg-β-tricalcium
phosphate composites is studied under the influence of chloride environment using Hanks’ balanced
salt solution. The dynamic passivation was realized faster for the composite samples as compared to
pure Mg, which resulted in decreased corrosion rates with the addition of β-tricalcium phosphate
particles to pure Mg.

Keywords: magnesium; tricalcium phosphate; compression; damping; corrosion; powder metallurgy

1. Introduction

Bone is a natural composite that is made up of hydroxyapatite and type I collagen [1]. The collagen
prevents brittle failure of the bones and makes it elastic whereas hydroxyapatite provides the necessary
mechanical strength. In the past few years, noteworthy headways have been made in the research
community to keep introducing novel materials that are targeting various biomedical applications to
the market. Ceramic and polymer-based biomaterials have superior biocompatibility and bioactivity,
thereby finding applications in tissue regeneration and drug delivery [2]. However, insufficient strength
and non-biodegradability hinder their application in fixation devices like pins, screws, and plates
targeting load-bearing orthopaedic applications. Metal-based biomaterials, like 316 L stainless steel,
Ti6Al4V alloy, and Co-Cr biomedical alloy, amongst others, have been long used as commercial
orthopaedic implants. Although these implant materials perform the suitable function of assisting
in bone remodelling and resorption, a mismatch in elastic modulus between these materials and the
bone induces several stress-shielding effects on the bone/implant interface, inducing severe pains
to the patient [1]. Either these implants materials are in the human body throughout leading to
apparent toxicity at later stages or may require a secondary surgery to remove the implant adding to

Metals 2018, 8, 343 263 www.mdpi.com/journal/metals



Metals 2018, 8, 343

the long facing trauma of the patient. In order to solve this issue, the need is to design and develop a
biodegradable metal-based orthopaedic implant with superior strengths and optimum degradation
rates to serve the purpose of bone remodelling and disintegration into the human body without
causing any ill-effects to the patient. Mg, being the lightest structural metal, is also biodegradable,
non-toxic, and is abundantly available, and hence it can be a viable solution to be used as orthopedic
implant. However, low room temperature ductility and inferior corrosion resistance in biological
environments are the reasons why it is not already commercially used in the biomedical sector [3].
However, low room temperature ductility and reduced corrosion resistance in biological environments
are the reasons why it is not already commercially used in the biomedical sectors [4–6]. Degradation
occurs faster than the bone remodelling process, and hence there is minimum retention of mechanical
integrity in the bone chips. There are several ways to retard the degradation rate of Mg, namely
alloying, composite technology, and in form of coatings. Although, alloying and coating technology
have been effective in improving the biocompatibility and corrosion response of Mg, additional
processing steps add to the cost of the eventual product, thus making it less feasible in mass production
of implants. Hence, the development of biocompatible materials using cost effective processing
techniques is crucial. Therefore, the addition of biocompatible reinforcements using the composite
technology to control the degradation rates without adversely affecting the strength properties is
the key. Further, Mg has prime importance in the metabolism process, being the second most abundant
cation in the human body and it helps in the formation of antibodies maintaining the required wall
tension in blood vessels and aids in muscle contraction regulation [7]. Any sort of deficiency in Mg
may lead to the change in bone structure, the reduction in osteoblast/osteoclast activity, and may also
result in cardiovascular issues, leading to death [8,9].

Calcium (Ca) and Phosphorous (P) are the main minerals in the human bone. Hence, using
Ca-P as a reinforcement or coating may be a viable option for enhanced corrosion protection of
magnesium-based materials in order to promote bone growth, absorption, and osseointegration [10].
Incorporation of bio-ceramics, like hydroxyapatite (HA) and tricalcium phosphates (TCP), both forms
of calcium phosphates, into the Mg matrix seems very promising in the field of bone regeneration.
Not only do they exhibit superior biocompatibility and no visible signs of systemic and local toxicity,
but also their crystal structure and chemical composition are close to the mineral parts of bone, which
may help in tailoring the desired biological properties. Several studies, like the development of
Mg-HA composites, AZ91-HA composites, and ZK60-calcium polyphosphate (CPP) composites have
been carried out by means of the powder metallurgy technique in the recent past [11–13]. The HA
composites reported a decrease in the strength properties although biocompatibility and cell viability
of the HA composites were good [14]. The CPP containing composites reported faster pH stabilization,
and hence an increased corrosion resistance, however CPP containing composites responded poorly
in the tensile mode as compared to the ZK60 base alloy. WE43/HA composites exhibited superior
corrosion resistance when immersed in 1% NaCl solution with an appreciable compromise in the
compressive strength properties [15]. Hence, superior sintering capability is required for better
densification, leading to better strength properties in the Mg bio-ceramic composites. Although,
HA possesses superior bioactivity, the better wettability of β-TCP with Mg matrix, and higher
dissolution in human physiological environments makes it an ideal candidate for Mg-composite
technology targeting orthopaedic implants [16]. β-tricalcium phosphate (β-TCP) is an excellent
bio-ceramic with superior biocompatibility, chemical stability, and osteointegration behaviour in the
body environment, with the resorption rate being better than HA ceramics, thereby finding numerous
applications in skeletal and dental prosthetics [14]. Sheng Ying He and coworkers studied the influence
of β-TCP nanoparticles on the strength and corrosion properties of the Mg-3Zn-0.8Zr alloy. Both tensile
strength and corrosion resistance of the alloy was improved with the addition of β-TCP particles [17].
Liu et al. synthesized Mg-2Zn-0.5Ca-1 β-TCP composite using equal channel extrusion processing and
noted that the addition of β-TCP improves the mechanical and corrosion properties of Mg-2Zn-0.5Ca
alloy significantly [18]. β-TCP was also investigated as a coating material for surface modification of Mg
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alloys, with positive results [19]. However, its influence as reinforcement on the mechanical, damping,
and immersion response of Mg matrix that is synthesized using solid-state blend-press-sinter powder
metallurgy technique is not available in the public domain, which is the novelty of the current study.

2. Materials and Methods

2.1. Materials and Processing

Magnesium powder of purity ≥98.5% (assay > 98.5%, Fe < 500 ppm, substances that are insoluble
in HCl < 0.005) with a size range of 60–300 μm, supplied by Merck, Germany was used as the base
material. β-tricalcium phosphate (reinforcement) with a size range of 0.7–4.6 μm and a purity of ≥96%
(assay > 96%, Cl < 0.05%, Fe < 0.1%, K < 0.005%, Na < 0.005%, Ni < 0.005%, Pb < 0.005%, Zn < 0.005%)
was supplied by Sigma-Aldrich, St. Louis, MO, USA. Pure Mg and Mg 2 vol % β-tricalcium phosphate
(β-TCP) composite was synthesized using the powder metallurgy technique, incorporating hybrid
microwave sintering [20]. The as-sintered billets were homogenized at 400 ◦C for 1 h and were then
hot extruded at 350 ◦C to obtain cylindrical rods of 8 mm diameter at an extrusion ratio of 20.25:1.
Samples that were cut from the rods were then characterized for physical and mechanical properties.

2.2. Material Characterization

2.2.1. Density Measurements

Density measurements were performed on both monolithic and composite samples using the
Archimedes principle. Four samples were cut from different parts of the extruded rods and were
tested ten times for conformance. The samples were weighed separately in air and water using an
A&D ER-182A electronic balance (Bradford, MA, USA) with an accuracy of 10−4 g. The theoretical
density was calculated using the densities and weight percentages of the constituents by means of the
rule of mixtures. From the experimental and theoretical densities, the porosity values of the samples
were determined.

2.2.2. Microstructural Characterization

Cylindrical samples were finely polished and etched according to the conventional techniques of
metallography to obtain a clear distinction between the grain boundaries with the help of a LEICA-DM
2500M metallographic light microscope (Singapore). Four representative micrographs were analyzed
for each composition in order to obtain accurate grain sizes. The OLYMPUS metallographic microscope
(Singapore) and JEOL JSM-5800 LV Scanning Electron Microscope (SEM, Kyoto, Japan) was used for
the microstructural characterization studies.

X-ray diffraction studies were carried out on extruded samples in the direction along the axis
of extrusion. The studies were performed using an automated Shimadzu LAB-XRD-6000 (Cu Kα;
λ = 1.54056 Å, Kyoto, Japan) using a scan speed of 2◦/min. The studies were conducted to identify the
possible formation of any impurities/secondary phases. The XRD analysis was also conducted on the
post-corroded samples to identify the corrosion products that were formed.

2.2.3. Damping and Elastic Modulus

Damping characteristics and elastic modulus of the cylindrical samples (7 mm diameter and
60 mm length) were analyzed using the resonant frequency and the damping analyzer (RFDA)
equipment from IMCE, Genk, Belgium. Recordings of the vibration signal were obtained in terms of
amplitude vs. time. Damping capacity, loss rate, and elastic modulus values for both pure Mg and Mg
(0.5, 1.0, and 1.5) vol % β-TCP composite sample were recorded.
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2.2.4. Mechanical Properties

Microhardness tests were performed on the composite samples using Vickers microhardness tester
Matsuzawa MXT 50 (Kyoto, Japan) with an indenter phase angle ~136◦; in conformance with ASTM
standard E384-11-1 [21]. Fifteen readings were taken to arrive at an average representative value.

Compression testing in the quasi-static mode was performed on cylindrical samples having
8 mm diameter and 8 mm length, utilizing a fully automated servo-hydraulic mechanical testing
machine (Model-MTS 810; in conformance with ASTM test method E9-09, Eden Prairie, MN, USA)
at a strain rate 8.33 × 10−5 s−1 [22]. Four specimens each for both of the compositions were tested to
ensure reproducibility. Fracture surface analysis of the samples failed under compression was done
using SEM.

2.2.5. Immersion Studies

Cylindrical samples of (5 mm diameter and 5 mm length) were immersed for 96 h in Hanks
balanced salt solution (HBSS) procured from Lonza Chemicals Pte Ltd. Singapore. The setup was
immersed in a water bath that was maintained at 37 ◦C to simulate the temperature of the human body.
The sample dimensions of 5 mm diameter and 5 mm length was used. Solution to sample ratio was
maintained at 20 mL:1 cm2. The solution was changed every 24 h. Weight loss and pH measurements
were measured after every 24 h. A solution containing 20 g CrO3 and 1.9 g AgNO3 dissolved in 100 mL
of de-ionized water was used for removing the corrosion products. The samples post-corrosion were
observed under the SEM in order to gain further information about the nature of corrosion products
that were formed.

3. Results and Discussion

3.1. Density and Porosity

Table 1 shows the density and porosity levels of pure Mg and Mg-β-TCP composites.
The experimental density of Pure Mg slightly increased with the incorporation of β-TCP, and Mg-1.5
TCP composite exhibited an experimental density value of 1.7449 g·cm−3. The slight increase (0.2%)
in the density can be attributed to the fact that there is a density difference between the matrix
(1.74 g·cm−3) and reinforcement (3.14 g·cm−3). Porosity levels marginally increased with the addition
of the β-TCP and the highest porosity value of ~0.28% was observed for the Mg-1.5 TCP composite.
The observed porosity is less than 1% porosity, which is an advantage when compared to conventional
sintering processes that can achieve only up to ~95% densification [23]. Microstructural examination
of the extruded rod revealed the absence of blowholes, defects and a superior surface finish indicated
the suitability of the powder metallurgy technique to generate near dense composites [3].

Table 1. Density, porosity, grain size and microhardness measurements of pure Mg and Mg-β-tricalcium
phosphate (β-TCP) composite.

Material
Theoretical Density

(g cm−3)
Experimental

Density (g cm−3)
Porosity (%) Grain Size (μm) Hardness (Hv)

Pure Mg 1.74 1.7363 ± 0.002 0.21 34 ± 2 46 ± 3
Mg-0.5 TCP 1.7412 1.7371 ± 0.0147 0.23 18 ± 2 (↓47%) 52 ± 2 (↑13.04%)
Mg-1.0 TCP 1.7424 1.7381 ± 0.0067 0.24 13 ± 1 (↓61%) 54 ± 3 (↑17.39%)
Mg-1.5 TCP 1.7449 1.7387 ± 0.0048 0.28 10 ± 1 (↓70%) 54 ± 1 (↑17.39%)

3.2. Microstructural Characterisation

Table 1 shows the average grain size values of pure Mg and Mg (0.5, 1.0, and 1.5) vol % β-TCP
composites. The grain size of pure Mg in as-extruded form was observed to be ~34 μm. The addition
of 0.5 vol % β-TCP particles resulted in superior grain refinement of up to ~18 μm, which is ~47% finer
than that of pure Mg. Increased addition of 1.0 and 1.5 vol % β-TCP particles resulted in a further

266



Metals 2018, 8, 343

refinement in the grain size of up to ~13 and ~10 μm. Near equiaxed grain morphology was observed
with the addition of β-TCP particles, as observed in Figure 1. This superior grain refinement can be
attributed to mainly two aspects namely (a) Particle stimulated nucleation phenomenon that promotes
the nucleation of grains, hence restricting the grain growth; (b) the ability of the β-TCP particles
to pin the grain boundaries resulting in finer microstructure [24]. As the size of the reinforcement
is predominantly in micron length scale, simulated dynamic recrystallization phenomenon can be
expected during the extrusion process [25]. Distribution of the β-TCP particle in the Mg matrix is
shown in Figure 2. The efficient extrusion process has managed to break down the large β-TCP
particles and clusters, leading to a reasonable distribution pattern. Hence, hot extrusion can be
considered as a suitable secondary process to promote the near uniform distribution of reinforcement
and simultaneously reducing the spatial heterogeneity of the mechanical properties of the Mg-based
composites [16]. The superior grain refinement also aids in the strengthening of the composites by
means of Hall-Petch mechanism activation.

High wettability of β-TCP particles with the Mg matrix leads to the easy densification under
sintering, and hence showing a superior interfacial integrity between the particle and the matrix.
The near-uniform distribution of β-TCP throughout the Mg matrix can also be attributed to the
suitable primary and secondary processing parameters that are optimized for the primary processing
of Mg-β-TCP composites. Energy Dispersive Spectroscopy (EDS) analysis of Mg-1.0 TCP composite is
also shown in Figure 2. The EDS spectra are studied at the reinforcement (A) and matrix (B) location.
The analysis of the matrix reveals predominantly Mg phases with traces of O due to surface oxidation
during the processing of the material. The β-TCP particles have settled at the grain boundaries of
the composite, hence confirming the grain boundary pinning mechanism that is responsible for grain
refinement as quantitatively confirmed by the predominant Ca, O, P peaks in the spectrum. The EDS
also confirms the absence of any sign of impurities or secondary phases in the composite.

Figure 1. Optical micrography images of Mg-β-TCP composites: (a) Mg-0.5 TCP; (b) Mg-1.0 TCP; and,
(c) Mg-1.5 TCP.
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Figure 2. (a) Grain boundary pinning mechanism of Mg-1.0 TCP composite; (b) β-TCP particle
distribution within the Mg matrix in Mg-1.5 TCP composite. Energy Dispersive Spectroscopy (EDS)
analysis of the Mg-1.0 TCP composite at the matrix and reinforcement location.

The X-ray diffraction analysis of the developed composites was performed along the extruded
direction and shown in Figure 3. The X-ray diffraction peaks of pure Mg and Mg-β-TCP composites
reveal mainly Mg peaks. The reinforcement peaks are not visible, as the amount of reinforcement
in the Mg matrix is low (<2 vol %), which might go undetected in the X-ray analysis. No MgO
peaks, secondary phase, or impurity peaks were observed, which suggests that the surface oxidation
during the compaction, sintering, or extrusion process is minimum, and the higher densification of the
composite can be realized.

The ratio of the respective intensities to the maximum intensity of the composites (I/Imax) is also
shown in Table 2. The addition of β-TCP to Mg matrix has resulted in a texture randomization with
all of the developed composites having dominant intensities corresponding to the pyramidal plane.
From Table 2, it can be seen that the initial addition of the reinforcement results in a decrease in the
intensity corresponding to the basal plane, which reaches a maximum value with the addition of 1 vol %
β-TCP and decreases with further addition up to 1.5 vol % β-TCP. The high I/Imax values corresponding
to the basal plane assists in the corrosion protection of the material. The texture modification due
to the presence of β-TCP particles may result in a particle stimulated nucleation mechanism, and it
assists in systematic recrystallization of randomly oriented grains along the extrusion axis [16].

3.3. Microhardness

The results of the microhardness tests that were performed on pure Mg and Mg (0.5, 1.0, and 1.5)
vol % β-TCP composite are presented in Table 1. The addition of 0.5 vol % β-TCP particle increased
the microhardness of pure Mg (~46 Hv) by ~13% to an average value of ~52 Hv. Further addition of
1.0 and 1.5 vol % β-TCP particles show minimal enhancement in the microhardness of the composite.
The microhardness results of Mg 1.5 vol % β-TCP composite reveal the improvement of ~17% when
compared to pure Mg, hereby indicating the increased resistance to indentation. This increase in the
hardness value can be attributed to the nearly uniform distribution of β-TCP particles throughout the
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Mg matrix (Figure 2) and the reduced grain size (Table 1) of the Mg-β-TCP composite, leading to the
increased resistance to localized plastic deformation [3].

Figure 3. X-ray diffractograms of pure magnesium and Mg (0.5, 1.0, and 1.5) vol % β-TCP composites
along the longitudinal direction.

Table 2. The ratio of intensities w.r.t the maximum intensity for the as-extruded Mg-β-TCP composites.

Material Plane I/Imax

Pure Mg
Prismatic 1.00

Basal 0..29
Pyramidal 0.36

Mg-0.5 TCP
Prismatic 0.34

Basal 0.76
Pyramidal 1.00

Mg-1.0 TCP
Prismatic 0.22

Basal 0.98
Pyramidal 1.00

Mg-1.5 TCP
Prismatic 0.23

Basal 0.58
Pyramidal 1.00

3.4. Damping Characteristics and Elastic Modulus

Figure 4 and Table 3 shows the damping characteristics of pure Mg and Mg (0.5, 1.0, and 1.5) vol %
β-TCP composites. The time taken for pure Mg to absorb vibration is ~0.37 s. The gradual addition

269



Metals 2018, 8, 343

of β-TCP particles resulted in a linear decrease in the time that is taken by the material to absorb
vibration with Mg-1.5 TCP absorbing the vibration as quick as ~0.28 s. Table 3 discusses the damping
loss rate, damping capacities, and elastic modulus of the composite samples. The damping loss rate (L)
and damping capacity (Q−1) of pure Mg enhanced with the increased presence of β-TCP with Mg-1.5
TCP composite exhibiting the best value of ~17.7 and ~7.59 × 10−4, respectively. The enhancement
in damping loss rate and damping capacity for Mg-1.5 TCP composite was ~109% and ~15.7% when
compared to that of pure Mg, respectively.

Figure 4. Damping characteristics of pure magnesium and Mg (0.5, 1.0, and 1.5) vol % β-TCP composites.

Table 3. Damping characteristics of pure Mg and Mg (0.5, 1.0, and 1.5) vol % β-TCP composites.

Material Damping Loss Rate (L) Damping Capacity (Q−1) (× 10−4) Elastic Modulus (GPa)

Pure Mg 8.3 ± 0.2 6.56 ± 0.2 44.7 ± 0.2
Mg-0.5TCP 15.7 ± 0.9 (↑89%) 6.94 ± 0.2 (↑5.7%) 43.7 ± 0.4
Mg-1.0 TCP 17.4 ± 0.7 (↑109%) 6.96 ± 0.3 (↑6.0%) 43.5 ± 0.08
Mg-1.5 TCP 17.7 ± 0.5 (↑113%) 7.59 ± 0.2 (↑15.7%) 43.7 ± 0.6

The superior enhancement in the damping characteristics of pure Mg with the addition of β-TCP
may be attributed to the contribution of several damping mechanisms, namely (a) damping behavior
at particle/matrix interface; (b) dislocation density owing to Mg and TCP thermal mismatch; and,
(c) bulk texture modifications [26]. Other properties, like porosities and micro-defects, also affect
the damping response of magnesium. However, the effect of this phenomenon on the damping
characteristics of the material is a combined effect of their interactions and is not monotonically related
to a particular mechanism. Attenuation coefficient calculations provide interesting insights into the
qualitative understanding of the damping mechanisms of Mg-based materials. The amplitude versus
time plots are shown in Figure 4. In theory, with the passage of time, the amplitude of free vibration
decreases in Mg-based materials. Attenuation coefficient quantifies this difference and it is represented
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as the steepness of the curve in the amplitude-time plot. The composite samples excited during the
study vibrate at their natural resonant frequency before attaining equilibrium. This amplitude of the
dampening vibration (A(t)) can be expressed as Equation (1).

A(t) = A0·exp[−at] + C (1)

where, A0 is the amplitude at t = 0, a is the apparent attenuation coefficient, t is the time after the
removal of impulse, and C is the fitting coefficient.

The attenuation coefficients of pure Mg increased with the presence of β-TCP particles.
The attenuation coefficients of Mg-0.5 TCP and Mg-1.0 TCP are very similar to the attenuation
coefficient of pure Mg. The addition of 1.5 vol % β-TCP particle has further enhanced the attenuation
coefficient. The trend that was observed in this case is very similar to the Q−1 values of the composites
with respect to pure Mg. This behavior is majorly dependent on the size, shape, density, and elastic
modulus of the specimen that was used for measurement. The change in vibrational amplitude and
resonant frequency influenced the overall improvement of the composite material when compared to
that of pure Mg.

In case of Mg-based materials, dislocation pinning that is caused by increased dislocation density
is favorable for achieving superior damping characteristics. This increased dislocation density owing to
the mismatch in the coefficient of thermal expansions of the Mg matrix and the ceramic reinforcement
results in a high volume of energy dissipation agents. This mismatch can also cause several plastic
deformation zones at the matrix/reinforcement interface. The higher the plastic deformation zones
and strain amplitudes, the higher the damping capacities that can be realized using the composite
technology. In order to obtain high volume of plastic deformation zones, high amount of reinforcement
is desirable. However, in the current case the addition of reinforcement in micron-length scale is
<2 vol %. Hence, the damping capacities of the composites are close to each other [27,28].

Elastic modulus and damping capacity are two crucial properties in order to qualify any material
as an orthopedic implant [3]. Currently used biomaterials, like Ti6Al4V (113 GPa), 316 L stainless steel
(193 GPa), and Co-Cr alloy (230 GPa), amongst others, have high elastic modulus when compared to
that of the natural bone (2–20 GPa). This huge elastic modulus mismatch might lead to stress shielding
effects, hence decreasing the stimulated bone growth resulting in the failure of the implant [29].
Mg-β-TCP composites display elastic modulus (~45 GPa) that is closer to that of the natural bone when
compared to the commercially available implants, and hence could be highly effective in decreasing the
effect of stress shielding. Superior damping capacity values assists in the mitigation of the vibrations
caused by the patient movement by suppressing the developed stresses at the implant-bone interface
to result in superior osseointegration [30].

3.5. Immersion Studies

The pH, weight change, and corrosion rate measurements with respect to the time of immersion
of Mg and Mg-β-TCP composites are shown in Figure 5 and Table 4. The pH of Mg showed a
sudden increase post 24 h of immersion. Further immersion of up to 96 h led to a relatively slow
and uniform increase in the pH, as shown in Figure 5a. The addition of β-TCP particles to the Mg
matrix resulted in a lower pH reading at the end of every 24 h as compared to pure Mg. The sudden
increase in the pH during the initial stage is characteristic for Mg-based materials due to high anodic
Mg2+ dissolution [31]. However, post 24 h, the stabilization of pH is observed to be quicker for the
composites when compared to pure Mg. Lower pH values and the corrosion rate values in the case
of composites suggest that the amount of Mg2+ dissolution is lesser for the Mg-β-TCP composites
when compared to pure Mg. It is well known in Mg-biomaterial community that the maximum
hydrogen evolution happens in the first 12–24 h of immersion in salt solutions and biofluids [32].
Hence, the presence of β-TCP particle in the magnesium matrix helps in faster pH stabilization, thereby
a controlled degradation can be achieved.
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(a) (b) 

 
(c) 

Figure 5. (a) pH vs. Time of immersion; (b) Weight change (%) vs. Time of immersion (h); and,
(c) Corrosion rate vs. Time of immersion (h).

Table 4. Corrosion rate and pH measurements of the composite samples after 96 h of Hanks balanced
salt solution (HBSS) immersion. A comparison is made with existing Mg-based alloys.

Material Corrosion Rate (mm/Year) pH

Pure Mg 1.95 10.41
Mg-0.5 TCP 0.23 10.23
Mg-1.0 TCP 0.92 10.11
Mg-1.5 TCP 0.21 9.92
Pure Mg [32] 2.08

-

Mg1Ca [32] 3.16
Mg1Ca1Zn [32] 2.13
Mg1Ca3Zn [32] 2.92

Mg5Zn [33] 2.25
Mg5Zn0.2Sr [33] 1.75

Mg3Sr [32] 0.75
ZE41 [34] 2.04
AZ91 [34] 3.56

From Figure 5b, it can be observed that the weight loss of the material due to immersion is
gradually increasing for pure Mg with an increased time of immersion of up to 72 h. In the case of
Mg-β-TCP composites, the weight changes as compared to pure Mg are observed to be lesser in all
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of the cases. In the case of Mg-1.5 TCP composite, the weight change is almost constant through the
period, which is desirable in order to achieve a uniform dissolution of a material in vitro and in vivo
conditions. Mg-0.5 TCP and Mg-1.0 TCP composites also exhibit near uniform weight loss with the
increase in immersion time. Figure 5c represents the change in corrosion rate (mm/year) with the time
of immersion, and is calculated by Equation (2) [35].

CR =
(K × W)

(A × T × D)
(2)

where, time conversion coefficient, K = 8.76 × 104, W is the change in weight pre and post-immersion (g),
A is the surface area of the cylinder exposed to the immersive medium (cm2), T is the time of immersion (h),
and D is the experimental density of the material (g·cm−3).

The corrosion rate is a factor of the change in weight, surface area exposed to immersion liquid,
and the time of immersion. The corrosion rates of the composites are observed to be lesser than that
of pure Mg with Mg-1.5 TCP composite exhibiting the least corrosion rates for all of the conditions.
The corrosion rate values owing to the weight loss of the composites mainly depend on two factors,
namely (a) an initial period of incubation from the protective layer formation and breaking and
(b) subsequent increase in the volume of hydrogen evolved with respect to the immersion time [34].
The corrosion rates of the composites in the current study are compared to the corrosion rates of several
potential Mg-based orthopedic materials in HBSS. The corrosion rate of Mg-0.5 TCP composite (Table 4)
is either better or as good as potential Mg-based alloys that are suited for orthopedic applications [32].
This justifies the suitability of Mg-β-TCP composite as a potential candidate for orthopedic applications
and encourages the scientific community to further the research in this domain.

The corrosion of pure Mg and Mg-β-TCP composites are mainly governed by the way that Mg
responds in aqueous environments. The Mg samples once immersed in the HBSS leads to severe
anodic dissolution during the initial immersion, which leads to a a sudden increase in the pH of the
developed composites. However, post-initial anodic dissolution, Mg2+ from the anodic metal will react
with OH− in the HBSS to form a protective porous Mg(OH)2 layer [4,31]. The formation of this layer
will thereby protect the material by covering the surface and discouraging attack from the immersive
medium. This formation of Mg(OH)2 layer might stabilize the corrosion rate and the pH values of
the developed composites that are observed in the current study as well. The pH and corrosion rate
of the composites stabilized around a time range from 24–72 h. However, the immersive medium
will slowly permeate into the sample, thereby increasing the weight loss of the sample. It is common
knowledge that the corrosion resistance of Mg in chloride environments is low and the presence of
Cl− ions in Hank’s solution promotes the corrosion rate by forming more resoluble MgCl2, thereby
increasing the concentration of OH− ions in the solution and hence rupturing the protective hydroxide
layer [36]. The Cl− attack on the sample leads to the pitting corrosion of the material, which is the most
commonly seen mechanism for Mg-based materials. Post this behaviour, a dynamic stabilization is
observed in the pH and corrosion rate values and a near uniform dissolution of the material is observed.
However, with the passage of time, these reactions might continue to have a deeper impact along
the matrix/particle interface, allows for the swelling of the composites due to electrolyte penetration,
leading to the eventual failure of the composite [37]. Figure 6 shows the optical micrographs of the
samples under immersion. The formation of corroded pits is very evident with pure Mg and the
number of corroded pits that were formed on the composites samples are much lesser than that of
pure Mg.

By theory, in addition to pitting corrosion, corrosion at the grain boundaries is a major form of
corrosion in the Mg-based materials [4,5,38]. However, due to the high chemical activity of Mg
in chloride environments, realizing a near uniform corrosion rate is ideal. Hence, altering Mg
microstructurally can assist in realizing this. In the current study, the refinement in the grain size
of pure Mg with the addition of β-TCP particles strongly aids in the corrosion protection of Mg.
The increased number of grain boundaries due to their higher energies and chemical activities increase
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the surface reactivity, realising the faster formation of the protective layer by relieving the extent of
localized corrosion [5,39]. The reduction of the number of cathodic sites can also enhance the corrosion
resistance, owing to the dissolution of impurities at the grain boundaries [40]. Further, the absence of
secondary phases/impurities in the material, which might serve as a stress concentration sites leading
to stress corrosion cracking, also supports the enhancement of the corrosion protection. In addition to
the superior grain refinement, the high intensities corresponding to the basal plane of the Mg-β-TCP
composites also assists in increasing the corrosion resistance of the material [40]. The lower porosities
that were observed for the composite samples can also assist in mitigating the effect of corrosion.
The cumulative effect of lower grain size coupled with higher basal intensities of the composites is
responsible for the lower corrosion rates of the composites when compared to that of pure Mg [40].
Further, the presence of Fe impurity (<500 ppm) in the magnesium powder might be responsible for
a high corrosion rate value of pure Mg. The addition of β-TCP tends to override the effect of the Fe
impurity, as observed by the lower corrosion rates of the composites. Although, the presence of the
Fe impurity cannot be confirmed by the XRD and EDS analysis of the composites, its effect on the
corrosion rate could still be acknowledged to be significant. In order to understand the effect of any
alloying element/secondary reinforcement on the corrosion performance of pure Mg, ultra-pure Mg
must be used so that the Fe content can be restricted to <45 ppm in the extruded form and the direct
effect of the secondary reinforcement could be more accurately discussed [9].

Figure 6. Optical micrographs of pure magnesium and Mg (0.5, 1.0, and 1.5) vol % β-TCP composites
after 24, 48, 72, and 96 h of immersion.

The SEM analysis of the corroded surface of the Mg-1.0 TCP composite samples post 96 h of
immersion is shown in Figure 7. The removal of the composite samples from the immersive medium
and drying in the air before undergoing SEM observation shrinks the protective film on the surface,
owing to dehydration [41]. This leads to severe cracking on the sample surface with two types of
layers namely quasi-adherent layer and cracked layer being formed [4]. Several uneven corrosion pits
with varying sizes and cracks were observed throughout the sample surface [41]. Apart from this,
many tiny cracks were observed through the sample surface. Figure 8 shows the XRD analysis of
the samples post-corrosion. The XRD analysis of the composites reveals the presence of corrosion
products like Mg(OH)2, (Ca2Mg)3(PO4)2 and Hydroxyapatite (HA). These corrosion products fill these
corrosion pits, forming a protective layer and hence delaying the corrosion attack to the surface [36].
Hence, the behaviour of the Mg-β-TCP composites can be observed to be better than that of pure Mg.
The corrosion product layer that was formed in pure Mg destabilizes faster, leading to the HBSS to
penetrate the matrix influencing the corrosion along the grain boundaries and the impurities, if any.
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The HA corrosion products can encourage the formation of apatite layer at the implant/bone interface,
which therefore assists in the osteoclast activity and resulting in faster bone formation, as compared to
monolithic Mg [42].

 

Figure 7. Scanning Electron Microscope (SEM) analysis of Mg-1.0 TCP composite post 96 h of Hanks
balanced salt solution (HBSS) immersion.

Figure 8. X-ray diffraction studies on the corroded samples post 96 h immersion in HBSS.

3.6. Compression Properties

Table 5 and Figure 9 shows the compressive properties and the stress-strain behavior of
the composites. Addition of β-TCP enhances the overall compressive properties of pure Mg.
The compressive yield strength (0.2% CYS) of Mg (0.5, 1.0 and 1.5) vol % TCP was observed to
be ~92 MPa, ~96 MPa and ~103 MPa, respectively, which is ~19%, ~24%, and ~34% greater than that of
pure Mg (~77 MPa). The addition of 0.5 vol % TCP increases the ultimate compressive strength (UCS)
to the value of ~258 MPa, which is a ~65% enhancement when compared to pure Mg (~156 MPa).
Further addition of TCP particles resulted in a decrease in the UCS values, with both Mg-1.0 TCP
and Mg-1.5 TCP composites remaining lower than that of Mg-0.5 TCP. However, the UCS values of
the composites still exhibited a ~42% and ~53% enhancement, respectively, with respect to pure Mg.
The maximum fracture strain and energy absorbed under compressive loading was observed for
Mg-1.5 vol % TCP composite with ~19.3% and ~29.2 MJ/m3, which is ~22% and ~64% greater than
that of pure Mg.
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Table 5. Room temperature compressive testing results.

Material 0.2 CYS (MPa) UCS (MPa) Fracture Strain (%) Energy Absorbed (MJ/m3)

Pure Mg 77 ± 5 156 ± 7 15.8 ± 0.3 17.7 ± 0.7
Mg-0.5 TCP 92 ± 1 (↑19%) 258 ± 4 (↑65%) 18.5 ± 0.6 (↑17%) 28.3 ± 1.3 (↑59%)
Mg-1.0 TCP 96 ± 2 (↑24%) 223 ± 7 (↑42%) 17.2 ± 0.7 (↑9%) 23.2 ± 2.9 (↑31%)
Mg-1.5 TCP 103 ± 7 (↑34%) 240 ± 7 (↑53%) 19.3 ± 0.5 (↑22%) 29.2 ± 2.4 (↑64%)

The significant increase in the strengths of Mg-β-TCP composite may be due to: (a) superior grain
refinement (Table 1), leading to activation of Hall-Petch strengthening mechanism [3]; (b) uniformly
distributed β-TCP particles that are acting as an obstacle to dislocation movement through the Orowan
strengthening mechanism [16]; (c) forest strengthening of the composite owing to the thermal coefficient
mismatch between the matrix (Mg) and the ceramic reinforcement (β-TCP); (d) combined effects of
texture randomization and deformation twinning creating additional barriers to the crack path leading
to enhanced compressive strengths [43]; and, (e) effective load transfer from the ductile matrix to
the brittle ceramic, owing to the good interface with each other. Due to high interfacial integrity
between the matrix and the reinforcement, the crack propagates preferentially through the soft matrix
phase under compressive loading. When the crack encounters the soft matrix, the matrix deforms,
thereby creating a bridging mechanism, leading to crack closure and resistance to crack initiation
and growth [36,44]. Hence, the sample fracture under compression is mainly driven by the matrix
deformation. The fracture strain of the composite samples remained as marginally superior to that
of pure Mg, unlike in the case of submicron and micron size ceramic particles where it is adversely
affected. Figure 9 shows the fractured surface analysis of the composite samples. The fractured surfaces
show typical shear band formation, which corroborates the fact that the composite fracture is mainly
matrix driven.

 

Figure 9. Compressive stress-strain relationship and fractured surface behavior of Mg ((a) 0.5, (b) 1.0,
and (c) 1.5) vol % β-TCP composites.

The cumulative effect of enhanced damping, compression, and corrosion properties is key to
qualify a certain material to be a potential orthopaedic implant. In addition to the mitigation of
stress-shielding effects and the bioresorbable nature of magnesium, enhanced structural properties are
also equally important when considering that Mg-based implants and stents may witness a 15–20%
decrease in strength and ductility when being immersed in a physiological environment [45]. With the
bone remodelling process taking 10–12 weeks for an average human being, incorporating novel
biocompatible reinforcements in the magnesium matrix that can protect pure Mg from expedited
degradation and simultaneously perform the task of load-bearing. Further, to understand and to
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critically evaluate the possibility of using Mg-β-TCP composites in orthopaedic applications, in vivo
immersion and cytotoxicity tests must be conducted.

4. Conclusions

• Near dense Mg-β-TCP composites were successfully synthesized with blend-press-sinter powder
metallurgy technique with a porosity of less than 1%.

• The microhardness of pure Mg increased due to the presence of β-TCP particles with ~17.39%
enhancement realized in the case of Mg-1.5 TCP composite.

• Mg-1.5 TCP composite exhibited a compressive yield strength, ultimate compressive strength,
compressive fracture strain, and total energy absorbed under compression loading of ~103 MPa
(↑~34%), ~240 MPa (↑~53%), ~19.3% (↑~22%), and ~29.2 MJ/m3 (↑~64%), respectively.
The enhancements with respect to the base pure Mg are significant in all of the cases.

• The damping response of pure Mg enhanced with the addition of β-TCP particles, with Mg-1.5
TCP composite exhibiting the best damping capacity (~15.7% increase as compared to pure Mg)
and damping loss rate (~113% increase compared to pure Mg) values.

• The presence of β-TCP particles assisted in the corrosion protection of pure Mg. The pH values
stabilized earlier for the composites as compared to pure Mg and displayed lower corrosion rate
values, which a superior ~9 times protection displayed by the Mg-1.5 TCP composite as compared
to pure Mg.
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