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Oleksandr Lypchanskyi, Tomasz Śleboda, Aneta Łukaszek-Sołek, Krystian Zyguła 
and Marek Wojtaszek

Application of the Strain Compensation Model and Processing Maps for Description of Hot 
Deformation Behavior of Metastable β Titanium Alloy
Reprinted from: Materials 2021, 14, 2021, doi:10.3390/ma14082021 . . . . . . . . . . . . . . . . . . 99

Wenwei Zhang, Qiuyue Yang, Yuanbiao Tan, Ya Yang, Song Xiang and Fei Zhao

Study on the Dynamic Recrystallization Behavior of 47Zr-45Ti-5Al-3V Alloy by CA–FE 
Simulation
Reprinted from: Materials 2021, 14, 2562, doi:10.3390/ma14102562 . . . . . . . . . . . . . . . . . . 115
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Ion Cinca, Irina Varvara Balkan, et al.

Microstructure Evolution during Hot Deformation of UNS S32750 Super-Duplex Stainless Steel 
Alloy
Reprinted from: Materials 2021, 14, 3916, doi:10.3390/ma14143916 . . . . . . . . . . . . . . . . . . 283

Sheng Xu, Haijie Xu, Xuedao Shu, Shuxin Li and Zhongliang Shen

Microstructure and Texture Evolution in Low Carbon and Low Alloy Steel during Warm
Deformation
Reprinted from: Materials 2022, 15, 2702, doi:10.3390/ma15072702 . . . . . . . . . . . . . . . . . . 295

Andong Du, Lucia Lattanzi, Anders E. W. Jarfors, Jie Zhou, Jinchuan Zheng, Kaikun Wang

and Gegang Yu

The Influence of Ce, La, and SiC Particles Addition on the Formability of an Al-Si-Cu-Mg-Fe
SiCp-MMC
Reprinted from: Materials 2022, 15, 3789, doi:10.3390/ma15113789 . . . . . . . . . . . . . . . . . . 311

Kinga Rodak, Dariusz Kuc and Tomasz Mikuszewski

Superplastic Deformation of Al–Cu Alloys after Grain Refinement by Extrusion Combined with
Reversible Torsion
Reprinted from: Materials 2020, 13, 5803, doi:10.3390/ma13245803 . . . . . . . . . . . . . . . . . . 333

Grzegorz Banaszek, Teresa Bajor, Anna Kawałek and Tomasz Garstka

Investigation of the Influence of Open-Die Forging Parameters on the Flow Kinetics of AZ91
Magnesium Alloy
Reprinted from: Materials 2021, 14, 4010, doi:10.3390/ma14144010 . . . . . . . . . . . . . . . . . . 349
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Editorial

Hot Deformation and Microstructure Evolution of
Metallic Materials

Ivo Schindler

Faculty of Materials Science and Technology, VŠB – Technical University of Ostrava, 17. listopadu 2172/15,
70800 Ostrava, Czech Republic; ivo.schindler@vsb.cz

Hot plastic deformation is a key method of processing metallic materials and control-
ling their final properties through structure-forming processes. The efficiency of the bulk
forming processes contributes significantly to the environmental aspects of our civiliza-
tion’s sustainable development. The ability to exploit the structural potentiality of both
traditional alloys and new, progressive materials is crucial in terms of economic growth.

Thus, the content of this Special Issue, “Hot Deformation and Microstructure Evo-
lution of Metallic Materials”, focused not only on common technologies (e.g., rolling or
forging), but also on various types of complex thermomechanical processing. The strong
physical basis of the research work, the application of advanced hot deformation simulators
and structural analysis methods, and the optimization computer simulations of forming
processes were emphasized. Much attention was paid to the structure-forming processes,
which are connected with the bulk forming and controlled cooling of various types of
metallic materials (steels, alloys of aluminum including composites, magnesium, titanium,
copper, etc.). It is interesting that the experiments describe in almost half of the articles
were based on the application of a compression test—either uniaxial or with plane strain.

Many authors devoted themselves to the analysis of flow stress curves and their use
in the creation of constitutive models; the description of the dynamic recrystallization
kinetics using the calculated value of the activation energy at hot forming; the construction
of processing maps, etc. Łukaszek-Sołek et al. [1] focused on the hot deformation behavior
of 4130 steel and the optimization of its processing parameters. The flow stress curves
obtained during compression tests, as well as the processing maps which elaborated on the
basis of various flow stability criteria, were discussed. Processing parameters developed
according to Prasad’s and Murty’s criteria were recommended for designing the technology
for forging the investigated steel. Such parameters ensure the homogeneity and stability of
the material flow, which was confirmed by the successful forging of 4130 steel in industrial
conditions. Chen et al. [2] developed a flow stress model of 300 M steel using hot uniaxial
tensile tests. Compared with uniaxial compression, the tensile flow stress was 29.1% higher
because dynamic recrystallization softening was less sufficient in the tensile stress state.
To eliminate the influence of sample necking on the stress–strain relationship, both the
stress and the strain were calibrated using the cross-sectional area of the neck zone. A
constitutive model was established based on the modified Arrhenius model, in which the
individual parameters were described as a functions of strain. Hot deformation behavior
of selected non-alloyed carbon steels was investigated by Kawulok et al. [3]. Based on the
analysis of experimentally determined flow stress curves, material constants suitable for
predicting the peak flow stress, σp; peak strain, εp; and critical strain, εcrDRX, neces-
sary to induce dynamic recrystallization were determined. The validity of the predicted
critical strains, εcrDRX, was then experimentally verified. Equations describing a simple
linear dependence of the critical strain εcrDRX on the peak strain εp were derived for
all investigated steels. The determined hot deformation activation energy Q decreased
with increasing carbon content. Individual flow stress curves of the studied steels were
mathematically described using the Cingara and McQueen model. Kittner, Ullmann, and
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Ulrich [4] performed a comparative study on the hot deformation behavior of as-cast and
twin-roll cast (TRC) Mg-6.8Y-2.5Zn-0.4Zr alloy. TRC resulted in a finer microstructure. In
the conventional as-cast state, dynamic recrystallization (DRX) was delayed by the coarse,
blocky, long-period stacking-order phases. Optimum deformation conditions for both states
are temperatures from 500 ◦C to 520 ◦C, and strain rates ranging from 0.01 s−1 to 0.1 s−1

for the as-cast material as well as a strain rate of 1 s−1 for the TRC material. Wang et al. [5]
proposed the cold radial forging method and semi-solid isothermal treatment in the semi-
solid isothermal compression (SSIC) process to fabricate high-quality, semi-solid billets of
6063 aluminum alloy. Constitutive equations were established based on the experimental
data to predict the flow stress. Four stages (i.e., sharp increase, decrease, steady state,
and slow increase) were observed in the true stress–true strain curve. The deformation
mechanism for SSIC of cold radial forged alloy 6063 mainly included four modes: the
liquid phase flow, grain slide or grain rotation along with the liquid film, slide among solid
grains, and the plastic deformation of solid grains. The strain compensation model and
processing maps to describe the hot deformation behavior of a metastable β titanium alloy
was developed by Lypchanskyi et al. [6] at near and above β transus temperatures. The
strain-compensated constitutive model was developed using the Arrhenius-type equation.
The dynamic material modeling in combination with Prasad’s stability criterion made it
possible to generate processing maps for the investigated deformation conditions. The high
material flow stability under investigated deformation conditions was revealed. It was
found that dynamic recovery was the main mechanism operating during the deformation
of the investigated alloy. Zhang et al. [7] studied the DRX behavior of 47Zr-45Ti-5Al-3V
alloy by using an experiment and numerical simulation method based on DEFORM-3D
software and cellular automata (CA) over a range of deformation temperatures (850 to
1050 ◦C) and strain rates (10−3 to 100 s−1). With the rising deformation temperature and
decreasing strain rate, the grain size (dDRX) and volume fraction (XDRX) of DRX were
dramatically boosted. According to the developed kinetics models, the distributions of the
dDRX and XDRX for DRX grains were predicted by DEFORM-3D. DRX microstructure
evolution is simulated by CA. The nucleation and growth of DRX grains in the tested
alloy during hot working can be simulated more accurately by CA simulation compared
with finite element analysis. In research presented by Opěla et al. [8], conventional hot
processing maps superimposed over flow stress maps or activation energy maps were
utilized to study the correlations among the efficiency of power dissipation, flow stress,
and activation energy evolution in the case of Cr-Mo low-alloyed steel. All maps were
assembled on the basis of two flow curve datasets. The experimental set is the result of a
series of uniaxial hot compression tests. The predicted flow curve dataset was calculated
on the basis of the subsequent approximation procedure via a well-adapted artificial neural
network. It was found that both flow stress and activation energy evolution were able to
express changes in the studied steel caused by the hot compression deformation. A direct
association with the course of power dissipation efficiency is evident. It can be stated that
the activation energy processing maps represent another tool for finding the appropriate
forming conditions and can be utilized as a support feature for the conventionally-used
processing maps to extend their informative ability.

The authors of a total of five papers focused on the study and modeling of microstruc-
ture development during hot rolling and subsequent cooling. The grain size models of
Hanoglu and Šarler [9] were one-way coupled to the macro-scale calculations performed
with the slice model assumption. The macroscale solution was based on a novel radial basis
function collocation method. This numerical method was truly meshless, as it involved
space discretization in arbitrarily distributed nodes without meshing. Austenite grain size
at each rolling pass, as well as the ferrite grain size at the end of rolling, were predicted in
this simulation. It was also shown that based on the rolling schedule, it was highly likely
that recrystallization would take place at each pass throughout a continuous rolling mill.
The simulation system was coded as a user-friendly computer application for industrial use
and ran on regular personal computers. The computational time for a typical rolling simu-
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lation is usually less than one hour. Lin et al. [10] studied a 6-pass continuous hot-rolling
process followed by air cooling by means of a coupled multi-scale simulation approach.
The finite element method was utilized to obtain macroscale thermomechanical parameters.
The microstructure evolution during the recrystallization and austenite (γ)-to-ferrite (α)
transformation was simulated by a mesoscale cellular automaton model. The driving force
for α-phase nucleation and growth involved the contribution of the deformation stored
energy inherited from hot-rolling. A detailed analysis demonstrated how the parameters,
including strain rate, grain size, temperature, and inter-pass time, influenced the different
mechanisms of recrystallization. Grain refinement induced by recrystallization and the
γ→α phase transformation was also quantified. The simulated final α-fraction and the
average α-grain size agreed reasonably well with the experimental microstructure. The
kinetics of dynamic, meta-dynamic, and static recrystallization in high-carbon bainitic steel
during hot deformation were described by Dembiczak and Knapiński [11]. The developed
mathematical model takes into account the dependence of the changing kinetics on the
structural size of the preliminary austenite grains, as well as the value of strain, strain rate,
temperature, and time. Physical simulations were carried out by plain strain compression
tests (PSCT). Based on dilatometric studies, growth of the austenite grain occurred under
isothermal annealing conditions. The developed mathematical models were verified by
a semi-industrial hot-rolling process. Sauer et al. [12] analyzed the microstructure de-
velopment of Nb-microalloyed steel during rolling on a heavy-section mill. A modified
microstructure evolution model was presented that better accounted for the influence of
strain-induced precipitation (SIP) on the kinetics of static recrystallization. The model was
verified using the plain strain compression simulations of rolling a round bar 100 mm in
diameter. For indirect comparison with the model outputs, the SIP initiation time was de-
termined based on the NbX precipitate size distribution obtained by transmission electron
microscopy. Using the PSCT and the outputs from the microstructure evolution model, it
was found that during conventional rolling, strain-induced precipitation occurred after the
last pass and, thus, did not affect the austenite grain size. By lowering the rolling tempera-
ture, it was possible to reduce the grain size by up to 56 μm. Schindler et al. [13] studied
the combined effect of austenitization temperature and pre-deformation on continuous
cooling transformation (CCT) diagrams of 23MnNiCrMo5-3 steel. Based on the dilatomet-
ric tests and metallographic analyses, a total of five different diagrams were constructed
and compared. Pre-deformation corresponding to the true strain of 0.35 or even 1.0 had
no clear effect on the austenite decomposition kinetics at a deformation temperature of
880 ◦C. During the long-lasting cooling, recrystallization and, likely, coarsening of the
new austenitic grains occurred, which almost eliminated the influence of pre-deformation
on the temperatures of the diffusion-controlled phase transformations. Decreasing the
deformation temperature to 830 ◦C led to a significant acceleration of the austenite→ferrite
and austenite→pearlite transformations due to the applied strain of 1.0 only in the region
of the cooling rate, between 3 and 35 ◦C·s−1. Acceleration of the diffusion-controlled phase
transformations resulted from the formation of an austenitic microstructure with a mean
grain size of approximately 4 μm. As the analysis of the stress–strain curves showed,
grain refinement was carried out by dynamic and metadynamic recrystallization. At low
cooling rates, the effect of plastic deformation on the kinetics of phase transformations
was indistinct.

The other three articles also discuss the microstructure evolution. Zurutuza et al. [14]
studied the effect of DRX in ultra-high strength boron-microalloyed steels optionally al-
loyed with niobium and molybdenum. Multi-pass torsion tests were performed to simulate
plate rolling conditions, followed by direct quenching. For Nb-microalloyed steel, partial
DRX occurred and resulted in local clusters of fine-sized equiaxed grains being dispersed
within the pancaked austenitic structure. A recrystallized austenite fraction appeared and
transformed into softer phase constituents after direct quenching. The addition of molyb-
denum suppressed DRX and ensured the formation of fully martensitic microstructures.
Cojocaru et al. [15] analyzed the hot deformation behavior of UNS S32750 Super-Duplex
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Stainless Steel during processing by upsetting. The resulting samples were examined by
electron backscatter diffraction (EBSD) to establish the evolution of the phases present in the
structure from several points of view: nature, distribution, morphology (size and shape),
and their structural homogeneity. The GROD (Grain Reference Orientation Deviation)
distribution map was also determined while taking into account the possible precipitation
of the secondary austenite phase and DRX process, depending on deformation temperature.
The main conclusion is that the studied steel can be safely deformed by upsetting between
1050 ◦C and 1275 ◦C. Warm compression tests were carried out by Xu et al. [16] on low
carbon and low alloy steel at temperatures of 600–850 ◦C. The evolution of microstructure
and texture was studied using EBSD. The results indicated that cementite spheroidization
greatly reduced at 750 ◦C due to a phase transformation. Dynamic recrystallization led
to a transition from {112}<110> texture to {111}<112> texture. The contents of {111}<110>
texture and {111}<112> texture were equivalent above 800 ◦C, resulting in the better uni-
formity of the γ-fiber texture. A temperature of 800 ◦C is suitable for the warm forming
application, where the investigated material is easy to deform and evolves into a uniform
and refined microstructure.

The following works [17,18] are related to the study of formability. The research of
Du et al. [17] aimed to investigate the formability of Al–Si alloys reinforced with different
fractions and different sizes of SiC particles to create an efficient and lightweight composite
brake disk. Lanthanum and cerium were added to strengthen the aluminum matrix
alloy and to improve the capability of the brake discs to withstand elevated temperature
conditions, such as more extended braking periods. These elements formed intermetallic
phases that further strengthened the composite. The additions of Ce and La strengthened
the softer matrix regions and resulted in a doubled compression peak strength of the
material without affecting the formability, as demonstrated by the processing maps. Rodak,
Kuc, and Mikuszewski [18] studied superplastic deformation of Al–Cu alloys after grain
refinement by extrusion combined with reversible torsion (KoBo). The binary as-cast Al–
Cu alloys Al-5%Cu, Al-25%Cu, and Al-33%Cu (in wt%), composed of the intermetallic
θ-Al2Cu and α-Al phases, were severely plastically deformed using extrusion coefficients
of up to 98. KoBo enabled large elongation for alloys Al-25%Cu and Al-33%Cu (with higher
intermetallic phase values) in the range from 830% to 1100% to be obtained by tensile
testing at a temperature of 400 ◦C and a strain rate of 10−4 s−1. The degree of elongation
depended on the extrusion coefficient and increased, as a result of α-Al and θ-Al2Cu phase
refinement, to about 200–400 nm. A microstructural study showed that the mechanism of
grain boundary sliding was responsible for superplastic deformation.

Several authors have dealt with both theoretical and technological aspects of forging.
Banaszek et al. [19] investigated the influence of open-die forging parameters on the flow
kinetics of AZ91 magnesium alloy. The paper presents the results of numerical simulations
(using commercial Forge®NxT software) of the process of forging ingots on a hydraulic
press with the use of flat and proprietary shaped anvils. The aim of this research was to
reduce the number of forging passes. Analysis of the hydrostatic pressure distribution and
of the equivalent strain was carried out. This is one of the elements used for determining
the ability of forging technology to obtain a semi-finished product from the AZ91 alloy with
good strength properties. An analysis of the formability, structure, and properties of the
AZ61 cast magnesium alloy using the example of a new forging process of aircraft mount
forgings was presented by Dziubińska, Surdacki, and Majerski [20]. It was assumed that
their production process would be based on drop forging on a die hammer. Two geometries
of preforms, differing in forging degree, were used as the billet for the forging process.
Using a cast preform positively affected the formability and flow kinematics during forging
and reduced the number of operations necessary to obtain the correct product. Numerical
analysis of the proposed new technology was carried out using the commercial software
DEFORM 3D v.11. The results obtained from numerical tests confirmed the possibility
of forming the forgings of aviation mounts from the AZ61 cast alloy with the proposed
technology. They also allowed information to be obtained regarding the kinematics of the
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material flow during forming and process parameters, such as strain distribution, tempera-
ture, Cockcroft–Latham criterion, and forming energy. The proposed forging process was
verified in industrial conditions. The article of Banaszek et al. [21] discusses the impact of
hot forging elongation operations on the closure of metallurgical discontinuities, such as
middle porosity in selected magnesium alloys, depending on the shape of the input used.
Laboratory simulations and numerical modeling, using the Forge®NxT 2.1 program based
on the finite element method, were carried out in order to bring about the closure of defects
of metallurgical origin in deformed forging ingots. Optimal values of the main technolog-
ical parameters of forging and appropriate groups of anvils to be used in the individual
stages of forging were proposed in order to eliminate the metallurgical defects. Using
ultrasonic waves, Moravec, Bury, and Černobila [22] investigated selected characteristics
of forging steel specimens for various levels of their relative reduction. The experimental
procedure, using both the attenuation and velocity measurements, verified that the reduc-
tion in specimens’ material had an effect on the propagation of ultrasound waves passing
through the body of the specimen. The increase in toughness after a relative reduction
in forging in the range of 10–50% is, with highest probability, caused by the relatively
important deformation hardening. The experiments were supplemented by Barkhausen’s
noise detection and metallographic analysis of the specimens.

The paper by Bajor et al. [23] presents an analysis of the results of numerical simu-
lations of the extrusion process of structural panels made from the 5xxx and 6xxx series
aluminum alloys. The obtained products are intended for innovative superstructures of spe-
cial car bodies. The main purpose of the research was to design a split die and to determine
the parameters of the extrusion process. The distribution of stress, strain, strain rate, and
temperature in the extruded metal was analyzed for two different punch movement speeds.
It was shown that panel sections can be produced from ingots with a length of 770 mm on
a press with the force of 35 MN. Mittelman et al. [24] studied the possibility to produce
composite components by joining using plastic deformation, which results in metallurgical
bonding at the interface. Beams of 6061 aluminum alloy were bonded by hot compression
at temperatures of 300–500 ◦C to different degrees of reduction. The compression was
followed by tensile debonding experiments, and the revealed interface was microscopically
characterized in order to determine the areas that were metallurgically bonded. The actual
bonded area was much smaller than the interface contact area. Thermo-mechanical finite el-
ement models of the compression forming were used to investigate the thermo-mechanical
fields, which developed along the interface and influenced the resulting bonding strength.
A quantitative criterion for bonding quality was implemented and shown to correlate with
the experimental findings.

Conflicts of Interest: The authors declare no conflict of interest.
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Abstract: Hot deformation behavior of 4130 steel and optimization of its processing parameters are
presented in this paper. Compression tests were performed at temperatures ranging from 800 to
1200 ◦C and at the strain rates in the range from 0.01 to 100 s−1. A comprehensive analysis of the
material behavior at different temperature and strain-rate ranges was performed taking into account
various criteria of stability and instability of the material flow under various thermomechanical
conditions. The flow–stress curves obtained during compression tests, as well as the processing
maps elaborated on the basis of various flow–stability criteria, are discussed. Processing parameters
developed according to the Prasad’s and Murty’s criteria are recommended for designing the tech-
nology of forging of the investigated steel. Such parameters ensure the homogeneity and stability
of the material flow in a forged part, what was confirmed by successful forging of 4130 steel in
industrial conditions. The processing map developed according to Gegel’s approach, as compared to
the processing maps obtained in accordance with the Prasad’s and Murty’s criteria, should be treated
as general support for determining the thermomechanical processing parameters.

Keywords: thermomechanical processing; steel; processing maps; microstructure; forging

1. Introduction

The control of hot deformation behavior and the properly chosen processing parame-
ters are essential for successful design of the technology of the production of high-strength
steel parts [1–4]. Processing maps and dynamic material modeling [5–7] enable selecting
appropriate parameters of thermomechanical processing of such steels and, as a result,
obtaining good quality products having profitable mechanical properties and uniform
microstructure. Much research in this area has been carried out in relation to aluminum al-
loys [8,9], titanium alloys [10,11], and nickel alloys [12,13]. In the design of structural parts
widely used in the automotive and railroad industries, high-strength steels are becoming
increasingly important [14,15].

Using the basic principles of continuum mechanics of large plastic flow and also
modeling of physical systems and irreversible thermodynamics, a methodology called the
dynamic material model was developed [16]. The workpiece is treated as the dissipator of
power—the unit power (P) absorbed by the material during processing. It can be expressed
as [17,18]:

P = σ· .
ε = G + J =

∫ .
ε

0
σpd

.
ε +

∫ σ

0

.
εdσ (1)

where
.
ε = the strain rate, s−1, σ = the flow stress, MPa, J = dissipator co-content, G = dissipa-

tor content.
The J co-content, associated with the power dissipation dynamic processes ongoing in

the material being processed, can be expressed as follows [18]:

J =
∫ σ

0

.
εdσ =

σ· .
ε·m

m + 1
(2)
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where m is the strain-rate-sensitivity parameter.
The relationship between the heat generation (G) and the microstructural changes (J)

is described by the strain-rate-sensitivity parameter (m) and can be calculated from the
formula [17]:

m =

(
∂J
∂G

)
T, ε

=

(
∂logσ

∂log
.
ε

)
T, ε

(3)

where ε = the constant true strain value, T = the temperature, ◦C.
Flow–stress data are used to derive the workability parameters by applying various

criteria and developing processing maps from them. The processing maps as a function of
temperature and log (strain rate) show the process conditions for stable and unstable hot
deformation [19–22]. For the determination of the stability domains and the areas of flow
instability based on the dynamic modeling of the material behavior in hot deformation
processes, various criteria have been developed. The criteria for stability and instability of a
material under different thermomechanical conditions make it possible to conduct research
on the behavior of metallic materials in hot deformation processes. Such studies should
also consider the comparison of existing criteria [23–25]. Nevertheless, the responsibility
for selecting and evaluating the correctness of a given theory in modeling hot deformation
behavior is within the scope of the designer or researcher responsibility.

In the first criterion (Prasad’s approach), the efficiency of power dissipation-η, reflect-
ing the material microstructure evolution, is determined by the following formula [7]:

η =
J

Jmax
=

2m
m + 1

(4)

This criterion can be expressed as [7,26,27]:

ξ1 =
∂log
( m

m+1
)

∂log
.
ε

+ m ≤ 0 (5)

It is used to identify instabilities in the material flow during hot working.
In the second criterion, according to Murty’s approach, the expression of the power

dissipation efficiency η is defined by the use of the J/Jmax ratio, and provided by [28,29]:

η =
J

Jmax
= 2

(
1 − 1

σ
.
ε

∫ .
ε

0
σ d

.
ε

)
(6)

The Murty’s instability parameter can be calculated as [28–30]:

ξ2 =
2m
η

− 1 < 0 (7)

Applying the second law of thermodynamics, the extremal principles of irreversible
thermodynamics as applied to large plastic flow and the stability theory, Gegel [23,29]
constructed two Liapunov functions that applied the efficiency of the power dissipation η
and the temperature sensitivity s with the independence variable as log

.
ε:

V1 = η
(
log

.
ε
)

(8)

V2 = s
(
log

.
ε
)

(9)

The temperature-sensitivity parameter of the flow stress can be calculated from the
equation [29]:

s =
1
T
· ∂lnσ

∂
(

1
T

) (10)

The parameters η and s are determined as the strain rate and temperature function.
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In the third criterion, according to Gegel’s approach, the criteria for ensuring the stable
material flow could be given as:

0 < m ≤ 1 (11)

ηcriterion =
∂η

∂
(
ln

.
ε
) < 0 (12)

s ≥ 1 (13)

scriterion =
∂s

∂
(
ln

.
ε
) < 0 (14)

The Gegel’s instability parameters are:

ξ3 = m < 0 (15)

ξ4 = − ∂η

∂
(
ln

.
ε
) < 0 (16)

ξ5 = s − 1 < 0 (17)

ξ6 = − ∂s
∂
(
ln

.
ε
) < 0 (18)

Considering Gegel’s criterion, the strain-rate-sensitivity parameter m can be related
to the mechanical stability and the temperature-sensitivity parameter s to the material or
structural stability [23]. In order to ensure stable material flow, it is important that the
stress increases with the strain rate (and the curves have a convex shape), and the flow
stress should decrease with respect to the temperature [28]. According to the second law
of thermodynamics, if the temperature-sensitivity parameter s is greater than 1, then the
stable material flow will be ensured [29]. In order to gain a power dissipation map, the
stability parameters should be presented as a contour map taking into account temperature
and log (strain rate). With such a map, it is possible to observe the proportion of power
dissipated by the microstructure as a function of strain rate, strain, and temperature. It is
assumed that the higher the value of the power dissipation efficiency (30–60%), the higher
the probability of dynamic recrystallization (DRX), while at the lower values of the power
dissipation efficiency (20–30%) DRV-related processes can be expected [12]. It happens that
high values of the parameter η do not always correspond to domains that are safe for the
workability of the material, and therefore the criterion for the occurrence of flow instability
(ηi) must also be taken into account. In the result, changes in the instability parameter
ηi as a function of strain rate and temperature enable instability maps to be plotted. The
areas where ηi < 0 correspond to microstructural instabilities in the material. In these areas,
defects can be expected in the form of void formation, wedge cracking, intercrystalline
fracture and other types of fracture processes, as well as adiabatic shear bands, Lüder bands,
kink bands and mechanical twinning [21,31,32]. When designing the forming technology
for a specific material, the information gained from the processing map is very useful. The
process windows describe the most favorable forming parameters (in terms of temperature
and strain rate) and also allow the control of the microstructure. The range of strain and
strain rates under which the processing tests are conducted are also of great importance.
Bulk metal forming processes are characterized by the wide range of deformation velocity
and the corresponding wide range of the strain rates. In the case of structural parts
with complex geometries, it seems worthwhile to undertake the studies comparing the
accuracy of the criteria for identifying areas of the flow instability on the processing maps
obtained according to Prasad’s, Murty’s, and Gegel’s criteria for the different strains and
the highest possible strain rates. An interesting approach to analyze the deformation
behaviour and microstructure evolution in isothermal compression of 300M steel was
presented by Sun et al. [33]. The development of processing maps coupled with grain size
was proposed using the physics-based visco-plastic constitutive equations and adopting a
dynamic material model. For the different strains, the efficiency of the power dissipation
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and the instability parameters coupled with the material grain size were calculated. It was
found that, in the case of isothermal compression of 300M steel, the grain size-coupled
processing maps differ from the traditional processing maps in terms of Prasad’s theory, and
that, in parallel with the microstructure observations, they can more accurately describe the
deformation behavior of the material at elevated temperatures. Zhou et al. [34] studied the
hot forging behavior of 25CrMo4 steel and developed a constitutive model. Moreover, the
optimum parameters for the forging process were determined from the throughput maps
and, using a kinetic model, the effect of strain on the efficiency of the power dissipation was
discussed. However, the study was conducted for a true strain of 0.7 and a maximum strain
rate of 10 s−1. Usually, processing maps are produced for only one, and a small, strain
value. Only few works present processing maps developed for strains of, for example,
0.8 and higher [35–38]. For example, Liu et al. [39] studied the hot deformation behavior
of 25CrMo4 steel based on the processing maps but only for the strain of 0.8 and strain
rate of 1 s−1. Such a low strain rate does not correspond to the strain rates commonly
used in industrial conditions in the majority of forging machines. In the majority of
papers, the highest strain rate for which research is conducted is 10 s–1 [34,40], sometimes
50 s–1 [41], and infrequently 80 s–1 [25]. In turn, the strain rate of 100 s–1 was taken under
consideration, for example, by Sescharyulu et al. [42], but only for the true strain of 0.5,
Sui et al. [43] for the true strain of 0.7, Łukaszek-Sołek et al. [35,36] for the true strain of 0.9,
and by Pu et al. [44] for the strain of 1. Few works deal with the comparison of different
criteria and the development of comprehensive processing maps. For the high-Mn TWIP
austenitic steel [37] instability maps based on different stability and instability criteria (i.e.,
Gegel’s and Alexander-Malas’s stability criterion, Prasad’s, Murty’s and Babu’s instability
criterion) were developed and compared. On the basis of the deformation maps based
on microstructural observation, it was found that instability maps differed to some extent
from each other and that the instability criteria were more suitable in terms of predicting
the occurrence of flow instabilities, which manifest themselves as heterogeneous flow and
localized deformation bands.

This paper presents a comprehensive analysis of the hot deformation behavior of the
4130 steel under test at different temperature ranges and strain rates up to 100 s−1. The
flow–stress curves obtained from the compression tests were used to develop processing
maps developed on the basis of different flow–stability criteria for different strains up to
that equal to 1. As a result, the hot deformation behavior of the investigated steel for a
wide range of strain rates corresponding to the characteristics of most machines used in
industrial forging conditions and a wide range of strains is discussed and, furthermore,
favorable hot working parameters were proposed and verified in an industrial forging test.

2. Experimental Procedure

4130 steel was selected for the investigation. Table 1 presents the chemical composition
of the investigated steel.

Table 1. The chemical composition of the investigated steel.

Chemical Composition, wt. %

Fe C Mn Ni Cr P Si Mo S V Sn Al N

Bal. 0.29 0.55 0.11 1.10 0.007 0.17 0.22 0.012 0.004 0.007 0.027 0.008

The investigated material was supplied by a commercial manufacturer (FRY Steel
Company, Chicago, USA) in a form of a Ø50 bar in a heat-treated state. All test samples were
cut out from a 4130-steel rod, in the direction parallel to the rod axis at a distance of approx.
2/3 of the radius from the center of the rod cross-section. The samples having 12 mm in
height and 10 mm in diameter were machined by electrical discharge machining (EDM)
and polished before compression tests. A compression testing was then performed on the
Gleeble 3800 thermomechanical simulator (Dynamic Systems Inc., Poestenkill, NY, USA)
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until a total true strain was 1. The isothermal tests were carried out in an argon atmosphere
at the temperature range from 800 to 1200 ◦C, and at the strain-rate range from 0.01–100 s−1.
A graphite foil was used as a lubricant to minimize the friction between the samples and
anvils. The samples were homogenized in 10 s prior to deformation and the resistance
heating rate of 2.5 ◦C/s was applied. After the compression test, the specimens were
cooled with compressed air (10 ◦C/s) and machined along the axial direction to observe
the microstructure. Microstructural investigations were performed using an Axiovert
200MAT optical microscope, manufactured by the Zeiss company (Oberkochen, Germany),
and also using a scanning microscope, FEI VERSA 3D (FEI—ThermoFisher Scientific,
Waltham, MA, USA)„ for obtaining images with the application of the BSE technique (the
detector of reversely dissipated electrons). Analytical modeling was performed using
Matlab software (version R2022a, MathWorks, Natick, MA, USA) in order to calculate
the workability parameters such as the strain-rate-sensitivity parameter m, the efficiency
of power dissipation, and etc. The various parameters needed for designing processing
maps were calculated based on the flow–stress data. A cubic spline fit for the test data
was applied to generate the greater number of data points. The Surfer software (version
23.3.202, Golden Software, LLC, Golden, USA) was used for generating the processing
maps. Industrial drop forging tests were conducted for selected model forging made of
the 4130 steels under the conditions determined for processing windows on developed
processing maps.

3. Results and Discussion

The microstructure of the investigated steel in as-delivered (hot-rolled and normalized)
condition is presented in Figure 1.

  
(a) (b) 

Figure 1. The microstructures of the 4130 steel in as-delivered condition: (a) transverse cross-section,
(b) longitudinal cross-section.

The microstructure of the starting material (annealed 4130 steel bar) consists of ferrite
and pearlite (Figure 1a,b). In the longitudinal section, banding resulting from interdendritic
microsegregation and subsequent hot forming can be observed (Figure 1b). The homogene-
ity of the material on the rod cross-section allowed for the preparation of samples with a
similar initial microstructure for the plastometric tests. Additionally, the presence of weak
banding allowed the assessment of the influence of deformation on the material flow and
the influence of deformation conditions on the homogenization of the microstructure.

3.1. Flow Behaviour

True stress–strain curves for the investigated steel deformed to a true strain of 1 at the
temperature range from 800–1200 ◦C and strain-rate range from 0.01–100 s−1 are presented
in Figure 2.
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(a) (b) 

(c) (d) 

(e) 

Figure 2. The true stress-true strain curves for the investigated 4130 steel deformed in compression at
the true strain rate of 0.01 s−1 (a), 0.1 s−1 (b), 1 s−1 (c), 10 s−1 (d), 100 s−1 (e).

The expected decrease in flow stress with increasing temperature and decreasing strain
rate was observed, which signifies that, in the case of the investigated steel processing, the
deformation temperature and strain rate have great effect on its hot deformation behavior.
Stress rising to a peak followed by softening toward a steady state region signifies typical
DRX behavior under higher temperatures (1000–1200 ◦C) regardless of strain rate. The
flow–stress curves for the lower deformation temperatures (800 ◦C and 900 ◦C) indicate
that, at those temperatures, the investigated material underwent recrystallization to a
limited extent also regardless of the applied strain rate.

3.2. Processing Maps

Basing on the obtained flow–stress curves, the processing maps for various temper-
atures and for the true strains of ε = 0.4, 0.6, 0.8, and 1 were elaborated (Figure 3). The
numbers on the contour lines signifies the percent efficiency of the power dissipation η.
They are directly related to the process of microstructural evolution of the material, such as
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DRX, grain coarsening or DRV [45–47]. The areas of the flow instability characterize inhomo-
geneous deformation, which should be avoided when designing hot processing conditions.

(a) (b) 

 = 0.4 

 = 0.6 

Figure 3. Cont.
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 = 0.8 

 = 1 

Figure 3. 4130 steel processing maps based on the Prasad’s (a) and Murty’s (b) criterion for the true
strain of: 0.4, 0.6, 0.8, 1.

The areas of material flow instability shown on the processing maps were elaborated
for a true strain of 1 (Figure 3). The preferred processing windows include the significant
parameters of the process and design recommendations for the thermomechanical forging
processes. In the processing maps drawn up upon the basis of Prasad’s criterion, three
processing windows were differentiated and upon the basis of Murty’s criterion, there were
four processing windows. Processing window 1 is characterized by the similar location
on the processing map comparing Prasad’s with Murty’s approach within the range of
η%, which represents the temperature and strain rate, and constitutes the contour of the
dissipation efficiency parameter:

• ηP = 18–36% in the range of temperatures from T = 800–975 ◦C, and a strain rate
of

.
ε = 12.5–100 s–1. The isoclines of η%, retaining fairly uniform variability, have

a regular oval shape and indicate an increasing workability of the material with an
increasing strain rate.

• ηM = 18–32% in the range of temperatures from T = 800–950 ◦C, and a strain rate
.
ε = 12.5–100 s–1. The isoclines of parameter η have a similar course, a small amplitude
of changes, and they increase simultaneously with the temperature. The changing
frequency of the course of the isoclines indicates the certain stability of material flow
during deformation.

14



Materials 2022, 15, 7817

It may be recommended for the processes of small forgings with the application of
the forging devices of the following types: horizontal forging machines, hydraulic screw
presses, screw presses and double-action air-steam hammers.

The comparison of processing window 2 developed in accordance with Prasad’s and
Murty’s criterion makes it possible to see their similarity (shape and parameters). It is
situated within the contour of isoclines:

• ηP = 30–46% in the range of temperatures from T = 1075–1200 ◦C and strain rate of
.
ε = 15.8–100 s–1.

• ηM = 32–44% for T = 1075–1200 ◦C and
.
ε = 15.8–100 s–1.

The isoclines of the dissipation efficiency parameter η% have a very regular shape.
That window reflects the optimum conditions for the material workability at the temper-
ature of 1200 ◦C and a strain rate 100 s–1. It may be recommended for conducting the
conventional processes of die impression forging for a wide assortment of forgings with the
application of the Maxi-type mechanical presses, screw presses and double-action air-steam
hammers. For that group of forging devices, the deformation velocity converted into the
strain rate fluctuates within a very wide range (

.
ε = 0.03 − 1400 s−1).

Processing window 3 is characterized by the following parameters:

• ηP = 10–24%,
.
ε = 0.01 – 0.06 s–1, and T = 800–980 ◦C. The values of the η% isoclines

may prove the uniformity of the material flow in the range of small strain rates, and
possibly that window may be recommended for the purpose of hot forging small drop
forgings with the application of a hydraulic press.

• ηM = 10 –30% in the range of temperatures from T = 800–980 ◦C, and strain rate
.
ε = 0.01 – 0.06 s–1. The course of the isoclines maintains a uniform growth tendency
of the values of η% with the decrease in temperature down to 800 ◦C. The window
is dedicated for hot forging small and very small, compact and elongated die forg-
ings with the application of hydraulic presses, and the open die forgings in flat or
shaped anvils.

Processing window 4 in accordance with Murty’s criterion includes the following parameters:

• ηM = 28–38%, T = 1000–1200 ◦C and
.
ε = 0.01–0.03 s–1. The window characterizes the

optimal level of susceptibility to plastic deformation, reaching the maximum of the
values of power dissipation amounting to 38%. The isoclines of the process efficiency
η have a regular course and a small curvature in its shape, proving the uniform
kinetics of the material plastic flow, and homogeneous deformation. The parameters
of this window are appropriate for the forging of relatively small die forgings with the
application of Maxi mechanical, hydraulic and hydraulic–mechanical presses.

The shape and size of the processing windows for ε = 0.8 are similar to the windows
for ε = 1 and undergo the substantial differentiation of the significant parameters of
the process.

In the case of the true strain of 0.6, the areas of instability undergo extension and
are not in agreement with processing window 3 obtained according to Prasad’s approach.
The processing map generated for the true strain of 0.6, taking into consideration Murty’s
approach, shows one very extensive area of instability, which is not in agreement with
processing windows 1 and 2. Processing windows 3 and 4 change their parameters, because
in this case the stability areas insignificantly change their size—they are flattened and
elongated in their shape.

For the true strain of 0.4 on the processing map, there are only two processing windows
according to Prasad’s approach: 1, and also 3 (but having slightly different position).
Processing window 2 was excluded from consideration because of the increased area of
instability. Taking into account the processing windows created on the processing map
obtained according to Murty criterion, the position of windows 3 and 4 is not changed. The
efficiency of power dissipation parameter η% has much lower values.
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The processing parameters presented in processing window 2 are recommended for
designing the technology of forging. They should ensure the homogeneity and stability of
the material flow in a forged part.

Table 2 shows a summary of the parameters for the determined processing windows
for the true strain of 1 according to the approach of Prasad and Murty.

Table 2. Suggested thermomechanical processing parameters for the investigated steel, determined
in processing windows for a true strain of 1 according to Prasad’s and Murty’s criterion.

Window Prasad’s Approach Murty’s Approach

1

The efficiency of power dissipation ηP = 18–36% ηM = 18–32%

The range of temperatures T = 800–975 ◦C T = 800–950 ◦C

The range of strain rate
.
ε = 12.5–100 s–1

2

The efficiency of power dissipation ηP = 30–46% ηM = 32–44%

The range of temperatures T = 1075–1200 ◦C

The range of strain rate
.
ε = 15.8–100 s–1

3

The efficiency of power dissipation ηP = 10–24% ηM = 10–30%

The range of temperatures T = 800–980 ◦C

The range of strain rate
.
ε = 0.01–0.06 s–1

4

The efficiency of power dissipation - ηM = 28–38%

The range of temperatures - T = 1000–1200 ◦C

The range of strain rate -
.
ε = 0.01–0.03 s–1

The analysis of the processing maps in accordance with Prasad’s and Murty’s criterion
makes it possible to ascertain that Murty’s criterion presents deformation mechanisms
set against energy-focused ways of seeing the process in a more comprehensive way, in
particular, within the range of changes in the course, and in the values of the efficiency
of the power dissipation parameter η%, and also in that of the material structure. The
differences between the predicted results for the processing windows and the location of
them are small, and the precision of predictions in accordance with Murty’s criterion is more
stable, and, ipso facto, superior. Murty’s criterion presents the regimes of process instability
in accordance with the equation (7) more broadly, because it includes the values of the
efficiency of the power dissipation parameter η and the strain-rate-sensitivity parameter m
for verifying the metallurgical process instability. Upon the basis of the processing maps for
the investigated steels (Figure 3), it is possible to observe that the amount of deformation
exerts a significant influence upon identifying the processing windows and the area of
instability. Processing maps provide valuable technological information for designing
the bulk metal working process, such as the forging of drop forgings having diversified
surfaces (in terms of cavities, ribs or splines), and the degree of the difficulty of processing.
That is relevant to, in particular, the assessment of the intensiveness of the material forming
process and in determining the level of the influence of the set of intermediate strains
for achieving the correct die impression, filling and obtaining the presumed shape of a
good quality forged part. Taking advantage of the method of intermediate stages may
constitute a significant cognitive contribution to the assessment of the material forming
design correctness.

The complex maps, presented in Figure 4, were developed as the result of superimpos-
ing four inequalities describing the stability criteria in accordance with Gegel’s approach
for the true strain of 1. The map shows the stable domains (white areas) and the instability
regimes (colored). Three stability areas, marked as A, B and C, having the most advan-
tageous combination of the parameters m, ηcriterion, s and scriterion were identified for the
4130 steel.
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(a) (b) 

 
(c) (d) 

 
(e) 

Figure 4. Contour map for the ηcriterion (a), contour map for the scriterion (b), contour map for the
temperature-sensitivity parameter of flow stress s (c), the maps of changes in the strain-rate-sensitivity
parameter m (d) and the processing map based upon Gegel’s stability criterion (e) for the 4130 steel
for the true strain of 1, A, B, C-domains of flow stability.
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3.3. Processing Maps Combined with the Analysis of the Microstructure of the Investigated Steel

The analysis of the microstructures of the samples deformed in the compression on
the Gleeble 3800 simulator was performed. The microstructure of the investigated steel
developed as the result of intense cooling after deformation in the austenite region. The
applied cooling resulted in a diffusion-free transformation of the austenite into martensite
or in intermediate transformation into bainitic structures.

It can be observed that increasing the deformation temperature and strain rate favor
the homogenization of the tested steel, causing the banded structure to disappear (Figure 5).
However, even at higher strain rates at a deformation temperature of 1200 ◦C, banding
in the microstructure of the samples can still be noticed. This proves the important role
of temperature and annealing time for the austenitic range in the diffusion of alloying
elements and carbon, favoring the homogenization of the chemical composition of austenite.
Figure 5 presents the complex processing map combining all the analyzed flow–stability
criteria correlated with the characteristic microstructural changes observed in the deformed
samples. The left-hand upper corner of the processing map has the parameter value of
s < 1, and therefore, the temperature and microstructure instability of the material. The
right-hand upper corner of the map (strain rate increasing up to 100 s–1) indicates an
increase in material strength resulting from work hardening. The left-hand bottom corner
of the complex processing map indicates the deformation heterogeneity, often connected
with transition bands between two parts of austenite grains (banding). The right-hand
bottom corner of the map is characterized by microstructural instability connected with the
growth of the austenite grains in the matrix of a deformed material.

 

Figure 5. Complex processing map combining all the analyzed flow–stability criteria correlated
with characteristic microstructural changes observed in the deformed samples. The areas in gray
shades correspond to the material flow instability parameters. White areas correspond to processing
parameters leading to stable material flow.
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The banding visible in the microstructure of the deformed compression samples
is the result of microsegregation of the chemical composition (mainly phosphorus and
manganese). In the normalized (initial) state, it is faintly visible; however, accelerated
cooling from the austenite range (austenitic structure was deformed) resulted in a bainitic
transformation, which made again the areas of chemical composition segregation visible
due to the formation of the different bainite morphologies as a result of the different
hardening of micro-areas of the different chemical composition.

3.4. Industrial Forging Test and the Analysis of the Microstructure of Forged Part

A comprehensive approach to the issue of die forging enables a multi-criteria analysis
of the thermomechanical process of forging complex-shaped forgings—the typical repre-
sentative of which is the flange-type forging—according to the parameters determined on
the basis of the processing maps ensuring the desired microstructure and mechanical prop-
erties. The forging of 4130 steel in industrial conditions was carried out on a double-action
hammer in accordance with the established parameters of the forming process related to the
processing window 2 according to Prasad’s and Murty’s criteria. The billet was heated up
to the temperature of 1200 ◦C in an electrical furnace and forged in two operations: initial
upset forging and forging in a finishing impression. After the forging process, the forged
part was cooled with forced air. A flange forged on hammer is presented in Figure 6a.
The samples for the metallographic investigations were taken from the cross-section of the
forged part (Figure 6b).

  
(a) (b) 

Figure 6. The flange forged on hammer (a), the flange model with areas of metallographic investiga-
tions marked (b). A, B, C – areas of metallographic observations on the forged part cross-section.

Figure 7 shows selected optical (a) and scanning electron micrographs (b) at the points
selected for the analysis (see Figure 6b) of the microstructure of the flange forging. The mean
primary austenite grain sizes were calculated using Jeffries method. The microstructure
has the largest grains in area B (2956 μm2), smaller in area A (2888 μm2), and the smallest
in area C (1769 μm2). This corresponds to the areas of increasing strain in the forged part.
The characteristic features of the pearlitic structure indicate its more intense supercooling
in the areas of more intense cooling of the forged part, where the microstructure has the
morphology of the upper bainite. The microstructure indicates the least intense cooling at
area B and the most intense cooling at areas A and C.
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 (a) (b) 

A 

  

B 

  

C 

  

Figure 7. The microstructure of the 4130-steel flange in pre-selected points of the microstructure
observations (A–C): (a) light microscope, (b) scanning microscope.

The transformation of austenite to fine pearlite (fine-plate structure) is more diffusive
in nature than the transformation of austenite to upper bainite. The diffusive nature of these
transformations (in the case of pearlite nucleating mainly at austenite grain boundaries)
makes it difficult to reconstruct the austenitic structure formed in this case by the plastic
deformation of austenite and the processes of its recovery and dynamic recrystallization.
However, these transformations are often similar in temperature range (always, however,
perlite is formed at higher temperatures than bainite), which often results, as in the present
case, in the absence of a clear distinction between the areas of fine perlite and upper bainite.
Increasing the cooling rate facilitates a less diffusive transformation (in this case, resulting
in formation of upper bainite) and limits the extent to which a more diffusive pearlitic
transformation occurs. However, the austenite grain refinement (area C in Figure 6b), intro-
ducing more high-energy grain boundaries, promotes the diffusion that is facilitated along
these boundaries. This leads to reducing the hardenability, which favors the occurrence
of pearlitic transformation and therefore a mainly diffusive transformation. Therefore,
considering area C shown in Figure 6b, two opposite phenomena (accelerated cooling and
grain refinement) result in a similar character of the morphology of cementite precipitates
(Figure 7b) at this area of the forged part cross-section as well as at areas B and C.
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4. Conclusions

The main conclusions of this study can be summarized as follows:

• The conducted assessment of process stability and instability in accordance with
Prasad’s and Murty’s criterion for the true strain of 1 showed three processing win-
dows developed in accordance with Prasad’s criterion and four processing windows
developed in accordance with Murty’s criterion.

• Upon the basis of the processing maps of the investigated steel, it is possible to
observe that the level of strain has a significant influence on identifying the processing
windows and the area of instability.

• The processing map developed according to Gegel’s approach, as compared to the
processing maps obtained in accordance with Prasad’s and Murty’s criteria, showed
three stability areas. It is, however, difficult to clearly identify the most favorable
combinations of the processing parameters based on them. This map should be treated
as general support for determining thermomechanical processing parameters.

• Processing parameters presented in processing window 2, developed according to
Prasad’s and Murty’s criteria, are recommended for designing the technology of
forging of the investigated steel. Industrial forging tests should be carried out under
the following thermomechanical conditions: T = 1075–1200 ◦C and

.
ε = 15.8–100 s–1

on hammers or other high-strain-rate forging machines. Such parameters ensure the
homogeneity and stability of the material flow in a forged part, which was confirmed
by the successful forging of 4130 steel in industrial conditions.
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Abstract: To investigate the effect of hot working parameters on the flow behavior of 300M steel
under tension, hot uniaxial tensile tests were implemented under different temperatures (950 ◦C,
1000 ◦C, 1050 ◦C, 1100 ◦C, 1150 ◦C) and strain rates (0.01 s−1, 0.1 s−1, 1 s−1, 10 s−1). Compared with
uniaxial compression, the tensile flow stress was 29.1% higher because dynamic recrystallization
softening was less sufficient in the tensile stress state. The ultimate elongation of 300M steel increased
with the decrease of temperature and the increase of strain rate. To eliminate the influence of sample
necking on stress-strain relationship, both the stress and the strain were calibrated using the cross-
sectional area of the neck zone. A constitutive model for tensile deformation was established based
on the modified Arrhenius model, in which the model parameters (n, α, Q, ln(A)) were described
as a function of strain. The average deviation was 6.81 MPa (6.23%), showing good accuracy of the
constitutive model.

Keywords: flow stress model; tensile deformation; constitutive model; stress correction

1. Introduction

The 300M steel (yield strength ≥ 1800 MPa), a kind of low-alloyed ultra-high strength
steel, is an important structural material used for large parts in aircrafts, ships, and nuclear
power plants. To improve service performance, those large structural parts are often
hot forged. However, in the forming of large parts, folding defects usually occur due to
the failure of precise material control because of inaccurate flow stress prediction. Thus,
establishment of an accurate flow stress model is a key issue in forging.

The understanding of the effects of hot working parameters (e.g., forging temperature,
strain rate, strain) on flow behavior is vital for precise constitutive modelling. The strain
rate and temperature effects were investigated by Ghavam et al. [1] and Huang et al. [2],
and tensile flow stress models for IMI834 titanium alloy and 42CrMo steel were proposed.
Lin et al. [3] constructed a phenomenological model to describe the influence of hot work-
ing parameters on flow stress in hot tension of Al-Cu-Mg alloy. Besides, the microstructure
evolution (e.g., average dislocation density, average grain size, damage) plays an impor-
tant role in flow stress evolution. The material flow behavior of 304HCu stainless steel
under various temperatures and strain rates in tensile deformation was investigated by
Yadav et al. [4], and a tensile flow stress model considering the evolution of mobile and
forest dislocations was established. The grain evolution of C-Mn steel in hot tensile de-
formation was studied by Dolzhenko et al. [5], and result showed the average grain size
and tensile yield stress followed the Hall-Petch relationship. Moreover, an accurate flow
stress model should eliminate the experimental error due to necking in tension. In the
hot tension experiment of Murata et al. [6], the necking image of notched specimen was
recorded, and the flow stress–strain curve of SS400 steel was corrected with the help of
image analysis and inverse analysis of finite element simulation. By a similar technique,
Zhao et al. [7] successfully calibrated the flow stress of Q195 steel, HSLA350 aluminum
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alloy, and AL6061 aluminum alloy. Gain et al. [8] proposed a flow stress model of AlSi9Cu3
alloy taking into account the stress triaxiality and damage evolution, and the model was
applicable in various stress states (uniaxial tension, uniaxial compression, and Astakhov
test). Until now, precise modelling of tensile flow stress is still facing difficulty due to the
lack of knowledge about how stress states affect flow behaviors of metal materials.

Specifically, for 300M steel, a dislocation–based constitutive model considering dy-
namic, meta–dynamic, and static recrystallization in both single and multiple pass com-
pression has been established by our group [9–11]. The softening behavior of 300M steel be-
tween passes was investigated by Liu et al., and models quantifying the meta–dynamic [12]
and static recrystallization softening [13] were built. Recently, the fracture behavior of
300M steel in tensile deformation was studied by Wen et al. [14], but the tensile flow stress
model of 300M steel has not been established so far.

Accordingly, as an essential part of precise prediction of flow stress and microstructure
evolution of 300M steel in high temperature deformation, the present research aims to
establish an accurate model to describe the flow stress evolution in tension. The flow stress
and logarithmic strain will be corrected using the minimum area in the necking zone of
specimen. A tensile flow stress model will be constructed.

2. Materials and Experiments

The 300M steel ingot (Φ300 mm × 1000 mm) was received in the as-forged state
from China Erzhong Group Cooperation (Deyang, China). The chemical composition
(weight percentage) was 93.982Fe-2.562Si-0.896Cr-0.824Ni-0.808Mn-0.435Mo-0.39C-0.086V-
0.017S. All samples used in this research were taken from the half radius of the ingot. The
initial microstructure was martensite (Figure 1a). In order to show the original austenite
grain boundaries, the samples were tempered at 560 ◦C for 2 h, polished according to the
standard metallographic procedure, and etched in the solution (1.7% hydrochloric acid,
22% detergent, 22% carbon tetrachloride, and balanced saturated picric acid) [15]. The
microstruture was tempered martensite after tempering (Figure 1b), and the initial average
grain size was 37.5 μm.

 
Figure 1. Microstructure of 300M steel in (a) as-received state, and (b) after tempering at 560 ◦C for 2 h.

Hot tensile tests were carried out on a thermal deformation simulator (Gleeble 3500,
Dynamic Systems Inc., New York, NY, USA) at five temperatures (950 ◦C, 1000 ◦C, 1050 ◦C,
1100 ◦C, 1150 ◦C) and four speeds (0.174 mm/s, 1.74 mm/s, 17.4 mm/s, 174 mm/s). The
temperature range corresponded to the usual hot working temperature of this material.
The deformation speed corresponded to 0.01 s−1, 0.1 s−1, 1 s−1, and 10 s−1, respectively. In
order to control the position of the necking zone, a notch (Φ8 mm × 12 mm) was turned
in the middle of the specimen. A dilatometer was clipped in the middle of the specimen
to measure the neck diameter. The force and elongation of specimens were automatically
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measured by the machine. During the experiment, specimen was electrically heated, and a
thermal couple welded in the notching area was able to measure the specimen temperature
and transfer the data to a computer. The heating power could be automatically adjusted by
a computer program to obtain specific temperatures.

The thermal-mechanical process is shown in Figure 2a. The test sample was heated at
a heating rate of 200 ◦C/min to 1200 ◦C, held at 1200 ◦C for 4 min to complete austenization,
and cooled to deformation temperature for another holding of 4 min. In total, twenty tests
were carried out, and the experimental parameters are shown in Table 1. Once the specimen
cracked, test was ceased and specimen was water quenched. The specimen photos are
shown in Figure 2b. It should be noted that the length of the sample deformation area was
12 mm, and the chamfer length was 1 mm.

 
Figure 2. Experimental procedure. (a) thermal-mechanical process, (b) specimen photos before and after deformation.

27



Materials 2021, 14, 252

Table 1. Experimental parameters.

Test No. Temperature(◦C) Strain Rate (s−1)

1 950 0.01
2 950 0.1
3 950 1
4 950 10
5 1000 0.01
6 1000 0.1
7 1000 1
8 1000 10
9 1050 0.01

10 1050 0.1
11 1050 1
12 1050 10
13 1100 0.01
14 1100 0.1
15 1100 1
16 1100 10
17 1150 0.01
18 1150 0.1
19 1150 1
20 1150 10

3. Results and Discussion

3.1. Force-Stroke Curve

The force-stroke curves obtained in the tensile tests are shown in Figure 3. The deforma-
tion process was divided into four stages: the elastic stage, the stable deformation stage, the
necking stage, and the fracture stage. Force increased linearly as the stroke increased in the
elastic stage. When the strain exceeded the elastic limit, the stable deformation stage began.
Since the strain was too low to trigger dynamic recrystallization, only work-hardening
and dynamic recovery occurred. Under a high temperature and a low strain rate, the peak
force was low, because dislocation annihilation was more complete. As the stroke increased
further, necking gradually appeared. The loading force decreased due to the combing effect
of the reduction of cross-sectional area and the dynamic recrystallization softening. In order
to eliminate the influence of necking on the flow behavior in tensile deformation, the true
stress and the logarithmic strain could be corrected by measuring the cross-sectional area of
the necking zone of the specimen. In the fracture stage, micro-void formed and grew near
the necking zone, leading to breakage [16]. It can be seen that the ultimate elongation was
greater under a higher strain rate and at a lower temperature, and the cross-sectional area
of the specimen slowly reduced to zero, indicating that the ductile fracture occurred.

3.2. Stress and Strain Correction

The true stress (σ) was defined by:

σ =
F
A

(1)

Here, F was the loading force (N), and A was the cross-section area (m2). In the present
investigation, F was the tensile force, and A was the minimum cross-sectional area of the
necking zone of the specimen. The cross-section of the specimen in this test was round, so
A = πd2/4, where d was the minimum cross-sectional diameter (m). The value of F was an
exported data of the experiment equipment. The value of d was measured by a dilatometer.

The logarithmic strain, ε, was calculated by:

ε = ln
(

l
l0

)
(2)
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Figure 3. Force–stroke curve during tensile test. (a) 0.01 s−1, (b) 0.1 s−1, (c) 1 s−1, (d) 10 s−1.

Here, l0 was the initial gauge length, and l was the gauge length after deformation.
In this investigation, considering that the sample volume remained constant, l/l0 equaled
A0/A, so:

ε = ln
(

A0

A

)
(3)

Here, A0 and A were calculated by the cross-sectional diameter of the specimen.
Strains and stresses were calculated according to Equations (1) and (3). The compari-

son of engineering stress and true stress is shown in Figure 4. In the elastic stage and the
stable deformation stage, the engineering stress curve and the true stress curve were almost
the same. But in the necking stage, an obvious difference of the two curves was shown.

Figure 4. Comparison of engineering stress and true stress of 300M steel under 1050 ◦C 0.1 s−1.
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3.3. Tensile Flow Behavior

The true stress-logarithmic strain curves of 300M steel calculated by the above method
are shown in Figure 5. Under a high temperature and a low strain rate, the true stress
was low due to a low dislocation motion barrier. This phenomenon was also found in the
compression of 300M steel [11], GH4169 alloy [17], GH4698 alloy [18], etc. The previous
result in Figure 3, that the ultimate elongation was greater under a higher strain rate and
a lower temperature, could be interpreted by the flow stress curves in Figure 5. Under a
higher strain rate, work-hardening-shaped stress-strain curve was obtained, and the work-
hardening led to the strengthening of the necking zone, causing deformation of the adjacent
zones of specimen, and making the ultimate elongation greater. The flow stress curve
shapes gradually transited from single peaked to exponential hardened when the strain
rate increased. This was because the dynamic recrystallization was more easily to complete
at a lower strain rate, while work-hardening played a more important role at a higher
strain rate. Compared with Figure 6c, much more small recrystallized grains were found in
Figure 6a. But only a few small recrystallized grains could be seen in Figure 6e, because
under a low strain rate (0.01 s−1) and high temperature (1150 ◦C), small recrystallized
grains gradually coarsened. The grains in Figure 6g were relatively small because the
deformation time was short, and the grains did not have enough time to grow [19].

 
Figure 5. Tensile flow stress of 300M steel under: (a) 0.01 s−1, (b) 0.1 s−1, (c) 1 s−1, (d) 10 s−1.

Comparing the tensile flow stresses with the compressive flow stresses, it was found
that the tensile flow stresses were 29.1% (27.8 MPa) greater, as shown in Figure 7. The
flow stress difference could be explained by: (a) the flow stress was influenced by the
stress state [8]. (b) the dynamic recrystallization in the tension was less sufficient, and the
dynamic recrystallization softening was weakened by the work-hardening, resulting in a
higher flow stress. This could be demonstrated by the comparison of the microstructures of
300M steel after tension and after compression. It could be seen in Figure 6 that more small
recrystallized grains could be found after compression. Thus, the compressive flow stress
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model could not be applied in the tensile deformation of 300M steel, and it was necessary
to establish the constitutive model for the high temperature tension of 300M steel.

 
Figure 6. Microstructures of 300M steel after tension at (a) 950 ◦C 0.01 s−1, (c) 950 ◦C 10 s−1, (e) 1150 ◦C 0.01 s−1,
(g) 1150 ◦C 10 s−1, and after compression at (b) 950 ◦C 0.01 s−1, (d) 950 ◦C 10 s−1, (f) 1150 ◦C 0.01 s−1, (h) 1150 ◦C 10 s−1.
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Figure 7. Comparison of tensile and compressive flow stress.

3.4. Constitutive Model

Some constitutive models are frequently used in modeling of steels, for example, the
Johnson-Cook model [20], the Zerilli-Armstrong model [21], the artificial neural network
model [22], the dislocation based model [4], the damage based model [8], etc. In the
present investigation, the modified Arrhenius model was chosen to establish the stress (σ)
and strain (ε) relation under various strain rates (

.
ε) and temperatures (T) because of the

advantage in convenience and accuracy. The modified Arrhenius model was expressed as
follows [23,24]:

.
ε· exp

(
Q
RT

)
= A(sinh(ασ))n (4)

Here, R was the gas constant (8.314 J/(mol·K)). Q was the thermal activation energy
(J/mol). n was the stress index. A and α were material constants. In the modified Arrhenius
model, Q, A, n, and α could all be expressed as a polynomial function of strain (ε). In the
present investigation, sixth-order polynomial function was used:

Θ = c0 + c1ε + c2ε2 + c3ε3 + c4ε4 + c5ε5 + c6ε6 (5)

Here, Θ denoted model parameters (Q, A, n, α); c0~c5 denoted sixth-order polyno-
mial function coefficients. The key step for model construction was to obtain the model
parameters (Q, A, n, and α) under different strains. Under a specific strain, the following
calculation procedure was employed: (a) n was obtained by the slope of ln σ versus ln

.
ε

curve. (b) α was calculated by the division of the slope of σ versus ln
.
ε curve and n. (c) Q

was calculated by the slope of 1
T versus ln(sinh(ασ)) curve. (d) ln A was calculated by

the intercept of ln(sinh(ασ)) versus ln
.
ε + Q/RT curve. The calculation was performed

on Matlab software (R2016a). The calculation results of the coefficients in Equation (5) are
shown in Table 2.
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Table 2. Coefficients of the polynomials.

Coefficients n α Q lnA

c0 34.414 0.022 1.167 × 106 2.700
c1 −380.819 −0.165 −1.081 × 107 64.484
c2 2198.841 0.809 5.820 × 107 509.409
c3 −6344.018 −2.072 −1.604 × 108 1816.843
c4 9592.681 2.894 2.353 × 108 3222.050
c5 −7269.985 −2.080 −1.746 × 108 2771.555
c6 2177.324 0.601 5.150 × 107 921.238

The variations of model parameters with strain are shown in Figure 8. Basically, the
variations of the model parameters followed a similar trend with increasing strain. When
the strain was smaller than ~0.2, the stress index (n) decreased rapidly from 18.5 to 6.6 as
the strain increased, which indicated that dislocation cross-slips and dynamic recovery
were the main deformation mechanisms [25]. Meanwhile, the thermal activation energy
decreased from 760.6 kJ/mol to 375.9 kJ/mol because the atom motion barrier was lowered
by dynamic recovery. When the thermal activation energy dropped below the activation
energy required for dynamic recrystallization, dynamic recrystallization occurred. The
stress index varied between 6.6 and 4.3, indicating that recrystallization was dominant
in material softening [26,27]. The thermal activation energy gradually dropped from
375.9 kJ/mol to 270.8 kJ/mol, because the thermal activation energy barrier was reduced
due to the combining effect of dynamic recrystallization and dynamic recovery.

 
Figure 8. The polynomial fitting process of model parameters. (a) n, (b) β, (c) Q, (d) lnA.

A comparison was made between the experimental stresses and the calculated stresses,
as shown in Figure 9. The confidence level evaluating the accuracy of the model, R, was
expressed as:

R =

√√√√1 − ∑n
i=1(σ̂i − σi)

2

∑n
i=1(σi − σ)2 (6)
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Figure 9. Comparisons of the calculated (dots) and experimental (lines) flow stress at the strain rates of (a) 0.01 s−1,
(b) 0. 1 s−1, (c) 1 s−1, (d) 10 s−1.

Here, n was the sample number, σ̂i the calculated flow stress of the ith sample, σ the
average flow stress, and σi the experimental flow stress of the ith sample. The value of
R was calculated to be 0.987. It could also be seen that the flow stress model was able to
describe both the single peaked curve shape and the exponential hardened curve shape.
Figure 10 was drawn by dots whose x ordinates and y ordinates were the experimental
and calculated flow stresses, respectively. Figure 11 showed the mean percentage error
of model prediction under each experiment condition. The maximum percentage error
(12.3%) occurred at 1150 ◦C and 0.01s−1, and the minimum error (1.85%) occurred at
950 ◦C and 1 s−1. The average error under all test conditions was 6.23% (6.81 MPa). The
error was induced by polynomial fitting and experimental error. Increasing the order
of polynomial fitting on the one hand improve the accuracy of the model, on the other
hand, increased the number of model parameters and deter the convenience of usage
of the model. Experimental error could also be decreased by increasing the number of
experimental repetitions. In general, the error was acceptable, and the model was overall
accurate in describing the constitutive relationship of 300M steel in isothermal tension.
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Figure 10. Scatter plots of the calculated flow stress versus experimental flow stress.

Figure 11. Percentage error of predicted flow stress under various tensile conditions.
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4. Conclusions

The following conclusions could be drawn from this investigation:

(1) Under a higher temperature and a lower strain rate, the tensile force was lower and
the ultimate elongation was shorter. The flow stress curve shape gradually transited
from single peaked to exponential hardened when the strain rate increased.

(2) The tensile flow stresses were 29.1% (27.8 MPa) greater than the compressive flow
stresses. The difference of the flow stress was caused by the difference of the stress
state and the microstructure changes in dynamic recrystallization.

(3) The Arrhenius based flow stress model was able to accurately describe both the
single peaked curve shape and the exponential hardened curve shape. The average
deviation of the model calculation was 6.81 MPa (6.23%), and the value of R was 0.987.
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Abstract: The hot deformation behavior of selected non-alloyed carbon steels was investigated by
isothermal continuous uniaxial compression tests. Based on the analysis of experimentally determined
flow stress curves, material constants suitable for predicting peak flow stress σp, peak strain εp and
critical strain εcrDRX necessary to induce dynamic recrystallization and the corresponding critical
flow stresses σcrDRX were determined. The validity of the predicted critical strains εcrDRX was then
experimentally verified. Fine dynamically recrystallized grains, which formed at the boundaries of
the original austenitic grains, were detected in the microstructure of additionally deformed specimens
from low-carbon investigated steels. Furthermore, equations describing with perfect accuracy a
simple linear dependence of the critical strain εcrDRX on peak strain εp were derived for all investigated
steels. The determined hot deformation activation energy Q decreased with increasing carbon content
(also with increasing carbon equivalent value) in all investigated steels. A logarithmic equation
described this dependency with reasonable accuracy. Individual flow stress curves of the investigated
steels were mathematically described using the Cingara and McQueen model, while the predicted
flow stresses showed excellent accuracy, especially in the strains ranging from 0 to εp.

Keywords: carbon steels; hot flow stress curves; dynamic recrystallization; peak flow stress; peak
strain; critical strain for induce of dynamic recrystallization; activation energy at hot forming

1. Introduction

Dynamic recrystallization (DRX) is an important structure-forming process that occurs
under the hot forming of metallic materials with low stacking fault energy [1–5]. This pro-
cess is important, especially at the continuous hot rolling of steel strips, bars or wires [6–11].
The critical value of internal energy is required for the dynamic recrystallization initiation
in the formed material, which corresponds to the achievement of critical strain εcrDRX
(−) [12–14]. As a result, a favorable state is created for the nucleation of new grain nuclei
and their growth already during the deformation of the given material. After exceeding
the critical strain εcrDRX, the density of dislocations in the formed material increases, which
is reflected in the flow stress increase up to a certain maximum (referred to as a peak flow
stress σp (MPa)—see Figure 1). However, a flow stress rate increment gradually decreases
due to the effects of dynamic softening processes. The critical strain required to induce the
dynamic recrystallization εcrDRX is thus lower than the peak strain εp, which corresponds
to the peak flow stress σp in the flow stress–strain curve (see Figure 1). At strains higher
than εp, dynamic recrystallization prevails over the strengthening processes during the
deformation, which is reflected in a decrease in flow stress until the strain corresponds to
steady state εss (III.rd region in Figure 1). After reaching the steady state, i.e., the stress σss,
there is a balance between the softening and strengthening processes, and with increasing
strain, the stress in the area IV.th does not change (see Figure 1) [12,14,15].
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Figure 1. The schematic representation of flow stress curve influenced by dynamic recrystalliza-
tion [12].

Depending on the chemical composition of the investigated materials and the cho-
sen method of calculating the critical strain εcrDRX, it should apply that εcrDRX = (0.09 ÷
0.8)·εp [13,16–18]. The critical strain required to induce dynamic recrystallization increases
with increasing strain rate and decreasing temperature [12–14,16]. The kinetics of dynamic
recrystallization is also affected by the grain size of the investigated steel. The initial finer
grain-sized structure significantly accelerates the occurrence of DRX because the existing
fraction of grain boundaries already determine the density of nucleation sites. The number
of available nucleation sites will be reduced by reducing the total area of grain boundaries
in a given material volume, which will be reflected in the course of DRX [4,16,17,19,20].
Coarse-grained structure materials (e.g., in the as-cast state) show a small total grain bound-
ary area (compared to fine-grained materials), and thus, intragranular nucleation becomes
the prevailing process. Structural heterogeneities, such as deformation bands, high angle
grain boundaries, and twins formed during plastic deformation also serve as sites for the
formation and growth of new grain nuclei [4,17,21].

For the purposes of research of the deformation behavior of metallic materials, con-
tinuous isothermal uniaxial compression tests are very suitable, which are most often
performed on the Gleeble type simulators, whose products are flow stress curves [22–24].
The information about maximum flow stress and kinetics of dynamic recrystallization of a
given material can be obtained from these flow stress curves [2,4,16,22,25,26]. In addition,
these flow stress curves can be described by mathematical models, which can then be
used as one of the material’s input characteristics for a mathematical simulation using the
finite element method. Several types of mathematical models have been developed for
these purposes that can describe flow stress curves at high temperatures in areas of low
strains (i.e., until the peak stress σp) [27–29], in areas of high strains (i.e., behind the peak
stress) [30–32] or in the whole range of applied strains (i.e., including the area of hardening
and the area where dynamic recrystallization occurs) [33–35]. Flow stress curves can also be
obtained by torsion tests, but their disadvantage is the low applicable strain rates (usually
up to approx. 10 s−1) [36–38]. Higher strain rates (up to 100 s−1) can be achieved in the
case of compression tests performed on Gleeble simulators [2,13,24,39,40]. Tensile tests
are also used in some cases to determine flow stress–strain curves [41–43]. In these cases,
however, it must be considered that during tensile deformation, a characteristic neck with
difficult-to-predict geometry and complicated stress develops on the deformed specimen
due to the progressive non-uniform strain. Therefore, the flow stress values determined by
this method are highly inaccurate.

The main aim of the performed experiments was to study the influence of carbon
content on the flow stress and kinetics of dynamic recrystallization of selected non-alloyed
carbon steels. These important attainments are valuable especially from the point of view of
optimization of the hot forming processes of the investigated steels, especially with respect
to a continuous hot rolling. Within the presented research, the prediction of peak flow
stress, peak strain, critical strain necessary to induce dynamic recrystallization (also related
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to peak strain), critical flow stress of the corresponding critical strain and prediction of
hot deformation activation energy depending on the carbon content of non-alloyed carbon
steels is solved. The secondary aim is to establish equations by which it will be possible to
simply predict a critical strain for induce of dynamic recrystallization εcrDRX, directly in
dependence on the peak strain εp and also to simply predict the hot deformation activation
energy only in dependence on the carbon content in the investigated steels. In addition, the
approximation of measured flow stress curves of all investigated steels is also addressed.

2. Experiment Description

Four unalloyed carbon steels in the original as-cast state were selected for the above
purposes, which differed mainly in carbon content (from 0.036 to 0.733 wt %) or carbon
equivalent values (from 0.101 to 0.830)—see Table 1. In addition, steel C had a higher
chromium content compared to other steels. To calculate the carbon equivalent Cekv (−),
given in Table 1, the relationship proposed by the International Welding Institute was
used [44]:

Cekv = C +
Mn

6
+

Cr + Mo + V
5

+
Cu + Ni

15
(1)

which takes into account the content of individual elements in wt %.

Table 1. Chemical composition of investigated steels in wt %.

Steel A Steel B Steel C Steel D

C 0.036 0.160 0.458 0.733
Mn 0.290 0.370 0.710 0.530
Si 0.036 0.055 0.291 0.220
P 0.009 0.017 0.013 0.009
S 0.010 0.006 0.023 0.013

Cu 0.040 0.040 0.040 0.010
Cr 0.050 0.060 0.270 0.030
Ni 0.030 0.030 0.030 0.010
Mo 0.007 0.011 0.013 0.003
V 0.003 0.005 0.002 0.003

Cekv (−) 0.101 0.242 0.638 0.830

The initial structural state of the investigated steels was as-cast—the steels were
delivered in the form of continuously cast billets of a square cross-section of 150 × 150 mm.
The initial structure of the investigated steels A, B and D (analyzed by traditional optical
microscopy with use of the Olympus GX51 microscope) is shown in Figure 2. In the
structure of the steel A predominates mostly massive ferrite (MF) (locally Widmanstatten
ferrite (WF)) with an abnormally wide range of grain size and shape—see Figure 2a,b. The
share of pearlite is very low and corresponds to the carbon content in the steel A. The
structure of the steel B consists of ferrite with different morphology (including acicular
ferrite (AF)) and pearlite, in some places the casting structure in the form of dendrites (D) is
visible—see Figure 2c,d. The coarse pearlitic blocks in the structure of steel D are partially
lined with predominantly allotriomorphic ferrite (ATF) along the boundaries of the original
austenitic grains—see Figure 2e,f.

It should be noted that the steel C was not tested in this work, but for purposes of this
paper, the flow stress curves obtained by isothermal compression tests carried out in the
work [45] were used.

The surface layer (solidified shell) with a thickness of 10 mm was removed from
the continuously cast billets. Subsequently, prisms of square cross-section (15 × 15 mm)
were cut around the circumference of the continuously cast billet, from which cylindrical
specimens with a diameter of 10 mm and a height of 15 mm were made, which were used
for continuous isothermal compression tests.
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Figure 2. Initial structure of investigated steels A, B and D (dendrites—D, acicular ferrite—AF, allotri-
omorphic ferrite—ATF, massive ferrite—MF, Widmanstatten ferrite—WF, pearlite—P): (a,b) steel A;
(c,d) steel B; (e,f) steel D.

The deformation temperatures were determined to be in the single-phase austenitic
region and, at the same time, reflected the decrease of the solidus temperature and the Ac3
temperature with increasing carbon content in the investigated steels. For these reasons,
with using of parametric equations [46,47], the temperature of the finish transformation
ferrite to austenite Ac3 (◦C) and the solidus temperature TS (◦C) were first determined:
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Ac3 = 912 − 370·C − 27.4·Mn + 27.3·Si − 6.35·Cr − 32.7·Ni + 95.2·V + 190·Ti + 72.0·Al + 64.5·Nb
+5.57·W + 332·S + 276·P + 485·N − 900·B + 16.2·C·Mn + 32.3·C·Si
+15.4·C·Cr + 48.0·C·Ni + 4.32·Si·Cr − 17.3·Si·Mo − 18.6·Si·Ni + 4.80·Mn·Ni
+40.5·Mo·V + 174·C2 + 2.46·Mn2 − 6.86·Si2 + 0.322·Cr2 + 9.90·Mo2 + 1.24·Ni2

−60.2·V2

(2)

TS = 1535 − 200·C − 183.9·S − 124.5·P − 6.8·Mn − 12.3·Si − 4.1·Al − 1.4·Cr − 4.3·Ni (3)

The determined temperatures Ac3 and TS of the steels A, B and D are given in Table 2.
The lowest deformation temperature was chosen so that about 40–50 ◦C was added to
the calculated temperature Ac3 (see Table 2). The highest deformation temperature was
determined by subtracting about 270–300 ◦C from the TS solidus temperature (see Table 2).
The remaining deformation temperatures Td (◦C), were chosen with a temperature step of
100 ◦C. The highest deformation temperature then represented the temperature of uniform
austenitization of the specimens for the given investigated steel.

Table 2. Determined temperatures Ac3, TS and deformation temperatures Td.

Steel A Steel B Steel D

TS (◦C) 1522 1496 1379
Ac3 (◦C) 902 862 746

Td (◦C)

1250 1200 1100
1150 1100 1000
1050 1000 900
950 900 800

Uniaxial continuous isothermal compression tests were performed on a Gleeble 3800-
GTC universal hot deformation simulator using a Hydrawedge II unit (Dynamic Systems
Inc., Poestenkill, NY, USA [48]).

The prepared cylindrical specimens were uniformly electrically resistance preheated
(at a heating rate of 10 ◦C·s−1) to the selected austenitization temperatures (steel A—
1250 ◦C, steel B—1200 ◦C, steel D—1100 ◦C). After 60 s holding time they were cooled at
a rate of 5 ◦C·s−1 to selected deformation temperatures (see Table 2), after which a 30 s
holding time was included due to homogenization of the temperature in the specimen
volume. Subsequently, the specimens were deformed by uniaxial compression to a true
strain of 1.0 at constant strain rates of 0.05 s−1, 1 s−1 and 20 s−1.

Steel C in the initial as-cast state was deformed in work [45] by uniaxial compression on
the same equipment at the same deformation parameters (true strain of 1.0 at constant strain
rates 0.05 s−1, 1 s−1 and 20 s−1), but deformation temperatures were chosen differently.
The steel C specimens were uniformly preheated to 1250 ◦C and after a subsequent 60 s
holding were cooled at a rate of 5 ◦C·s−1 to the selected deformation temperatures (900 ◦C,
1000 ◦C, 1120 ◦C, 1250 ◦C), after which it was reached before deformation also 30 s holding
time [45].

The temperature of the specimens was measured during the compression tests with
one pair of K-type thermocouple wires, which were surface welded to the center of the
height of the tested specimen. All compression tests were performed in a vacuum to
eliminate the oxidation of specimens.

3. Calculation Methods

The Zener–Hollomon parameter Z (s−1), which is defined as the temperature-
compensated strain rate, can be used to predict σp and εp [4,24,26,49]:

Z =
.
ε· exp

(
Q

R·T
)

(4)
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σp =
1
α
·arcsinh n

√
Z
A

(5)

εp = U·ZW (6)

where
.
ε (s−1) is the strain rate, Q (J·mol−1) is the hot deformation activation energy, R is the

molar gas constant (8.314 J·mol−1·K−1), T (K) is the deformation temperature, α (MPa−1),
A (s−1), n (−), U (s) a W (−) are the material constants.

The activation energy brings the material factor into relation (4), i.e., the influence of
chemical composition, structure, etc. The value of the activation energy Q, together with
other material constants α (MPa−1), A (s−1), n (−) suitable for prediction of the peak flow
stress according to Equation (5), can be determined by regression analysis of the known
Garofalo sinus-hyperbolic relation [50]:

.
ε = A· exp

(
− Q

R·T
)
·[sin h

(
α·σp

)]n (7)

where σp (MPa) is peak flow stress, which corresponds to εp. Equation (7) is often solved
by a simple graphical method based on repeatedly used linear regression [24,26,51]. For
high deformation temperatures or low values of flow stress, relation (7) can be adjusted to
the power function:

.
ε = A1· exp

(
− Q

R·T
)
·σp

n (8)

For low deformation temperatures or high values of flow stress, relation (7) can be
transformed into the exponential form:

.
ε = A2· exp

(
− Q

R·T
)
· exp

(
β·σp

)
(9)

where A1, A2 a β are the material constants. The following relation gives the constant α
from Equation (7):

α =
β

n
(10)

To determine the values of material constants n, α, A, Q, U and W of all investigated
steels, the verified software ENERGY 4.0 was used. The software ENERGY 4.0 works on the
basis of a combination of partial linear regressions and final complex nonlinear regression,
thanks to which these constants determined in the previous step by linear regressions, are
further specified [4,24–26,52]. In several works, only the simplified power Equation (8)
was used to determine the activation energy and subsequently to predict peak flow stress
σp, and the calculation was, therefore, significantly simpler—see, e.g., [53–55]. However,
this simplification has been shown to lead to inaccurate results [24]. The calculation of hot
deformation activation energy from experimental values by solving the sinushyperbolic
Equation (7) is a proven method that has been successfully applied to several types of
materials, e.g., steels [4,5,24,37,40], alloys based on copper [25], aluminum [26,56], magne-
sium [24,52] or nickel [2,57,58].

The critical strain εcrDRX (−) necessary to induce dynamic recrystallization can be
determined metallographically; however, this approach is extremely long, and the results
are inaccurate. It is more appropriate to use a mathematical approach based on the analysis
of the dependence of the work hardening rate on the stress in the range of strains from
zero to peak. The work hardening rate θ (MPa) is defined as stress derivation according to
deformation [18]:

θ =
dσ

dε
(11)

The inflexion point of the curve θ~σ corresponds to the onset of DRX. The global
minimum on the curve expressing the dependence dθ/dσ~σ corresponds to the inflexion
point of the curve θ~σ and thus corresponds to the beginning of DRX [13,18,59,60]. From a
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mathematical point of view, this global minimum (on the curve dθ/dσ~σ) is the zero value
of the second derivative θ according to σ [18]:

∂2θc

∂σ2 = 0 (12)

where θc is the work hardening rate in the critical state for the onset of DRX. The inflexion
point of the curve θ~σ is the same as the inflexion point on the curve expressing the
dependence ln θ~ε and, therefore, must apply [18]:

∂2θc

∂σ2

∣∣∣∣
σ=σcrDRX

=
∂2 ln θc

∂ε2

∣∣∣∣
ε=εcrDRX

= 0 (13)

To derive an equation suitable for the prediction of critical strain εcrDRX, a model by
Cingara and McQueen was chosen in this case, which allows a mathematical description of
flow stress curves up to the peak point (up to the strain of εp) [27]:

σ = σp·
[

ε

εp
· exp

(
1 − ε

εp

)]C
(14)

where ε (−) is a value of true strain, and C (−) is the strain hardening exponent. The
logarithm of both sides of Equation (14) leads to the following linear equation [18]

ln
(

σ

σp

)
= C·

[
ln
(

ε

εp

)
+

(
1 − ε

εp

)]
(15)

Linear regression can then be used to determine the required values of the hardening
exponent C separately from Equation (15) for each combination of temperature and strain
rate (for one flow stress curve). For practical use, it is still necessary to compile a mathemat-
ical description of the exponent C, which will be described later. By deriving relation (14)
according to the strain ε, the expression for determining θ can be obtained. By substituting
the expression θ into Equation (13) and its subsequent solution, it is possible to arrive at a
final expression, which allows the determination of the critical strain εcrDRX [13,18]:

εcrDRX = εp·
√

1 − C + C − 1
C

(16)

Therefore, Equation (16), intended for the prediction εcrDRX, depends on the peak
strain εp and on the strain hardening exponent C.

4. Analysis of Measured Data

4.1. Prediction of Peak Flow Stress and Peak Strain

Flow stress curves were obtained by continuous isothermal uniaxial compression tests
(see example in Figure 3). The coordinates of stress peaks were determined from these flow
stress curves, which were then used as input data to calculate activation energy and other
material constants suitable for predicting peak flow stress σp and peak strain εp during hot
forming of the investigated steels.
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Figure 3. The measured flow stress curves of steel B: (a) strain rate 0.05 s−1; (b) strain rate 1 s−1;
(c) strain rate 20 s−1.

The constant n (see Equation (8)) for the selected high-temperature level is determined
by the linear regression of the experimentally determined values of σp in the coordinates ln
.
ε~ln σp (see Figure 4a). For the selected low-temperature level, the constant β is determined
by linear regression in the coordinates ln

.
ε~σp (see Equation (9) and Figure 4b). After

calculating the material constant α according to Equation (10), the final linear regression of
all measured data plotted in the coordinates ln

.
ε − n ln [sinh (α·σp)]~T, material constants

Q and A can be determined (see Figure 4c). The determined material constants are then
refined by the final gradient optimization algorithm by solving Equation (7) via nonlinear
regression analysis, which includes two mutually independent variables (temperature and
strain rate). The material constants U and W are then determined using the activation
energy by linear regression of the experimentally determined εp values in the coordinates ln
εp~ln Z (see Figure 4d). The values of material constants of the examined steels, determined
by regression analysis in the ENERGY 4.0 program, are given in Table 3.

Figure 4. Cont.

46



Materials 2022, 15, 595

Figure 4. Calculation of material constants in Equations (7) and (6) for steel B: (a) calculation of
n = 5.667; (b) calculation of β = 0.051; (c) calculation of Q = 341 kJ·mol−1; (d) determination of
W = 0.173.

Table 3. Determined material constants intended for prediction of σp and εp of investigated steels
according to Equations (5) and (6).

Steel A Steel B Steel C Steel D

Q (kJ·mol−1) 321.37 301.12 293.63 271.42
n (−) 5.4113 5.3034 4.7085 4.6809

α (MPa−1) 0.0083 0.0080 0.0088 0.0075
A (s−1) 9.59 × 1012 2.23 × 1012 3.80 × 1011 3.81 × 1011

U (s) 0.00081 0.00240 0.00532 0.00505
W (−) 0.198 0.173 0.148 0147

The determined material constants Q, n, α, A, U and W (see Table 3) can be used for
the given thermomechanical forming parameters for the prediction of peak flow stress σp
and peak strain εp of investigated steels according to Equations (5) and (6). The accuracy of
the predicted values σp and εp was simply evaluated using the correlation coefficient R (−),
the relative calculation error Δ (%) and its mean values Δmean (%)—see Tables 4 and 5. The
relative error values were determined according to the following relationships:

Δ =

(
σp(measured) − σp(predicted)

)
σp(measured)

·100 (17)

Δ =

(
εp(measured) − εp(predicted)

)
εp((measured)

·100 (18)

Table 4. Accuracy of σp values predicted according to Equation (5).

Steel A Steel B Steel C Steel D

R (−) 0.9998 0.9989 0.9993 0.9995
Δmean (%) −0.05 −0.04 −0.53 −0.02

Table 5. Accuracy of εp values predicted according to Equation (6).

Steel A Steel B Steel C Steel D

R (−) 0.9690 0.9352 0.9494 0.8512
Δmean (%) −2.53 −4.80 −1.60 −2.39

The excellent agreement of the calculated and measured values of the peak flow stress
σp is confirmed by high values of correlation coefficients R and very low values of mean
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calculation error Δmean given in Table 4. In the case of the peak strain εp the accuracy of back-
calculation was lower but entirely sufficient—see Table 5. A comparison of experimentally
determined and according to Equations (5) and (6) predicted values of σp a εp depending on
the Zener–Hollomon parameter of all investigated steels is shown in Figure 5. The results
shown in Figure 5, Tables 4 and 5 thus confirm that the chosen procedure for predicting the
values of σp and εp was correct, respectively that Equations (5) and (6) (together with the
constants shown in Table 3) can be used to predict the σp and εp of all investigated steels at
given thermomechanical conditions of forming.

Figure 5. Comparison of measured and predicted values of σp and ε depending on the parameter Z
(points—measured values; lines—predicted values): (a) steel A; (b) steel B; (c) steel C; (d) steel D.

4.2. Prediction of Critical Flow Stress and Critical Strain for Induce of DRX

To predict the critical strain εcrDRX (−) necessary to induce dynamic recrystallization,
it is necessary to derive a relationship that will allow the prediction of strain hardening
exponent C (see Equation (16)). The value of the strain hardening exponent C is determined
for each measured flow stress curve (i.e., for each combination of temperature and strain
rate) as the line slope (dependence (15)), considering the zero value of the intersection with
the vertical axis. An example of determining the constant C by linear regression of the
measured data for one combination of temperature and strain rate (1000 ◦C and 20 s−1) for
steel B is shown in Figure 6.

The prediction of the strain hardening exponent C is possible based on its functional
dependence on the Zener–Hollomon parameter Z (4), which includes the interaction effects
of strain rate and temperature. The dependence of exponent C on parameter Z has a power
character for a constant value of a strain rate and a variable deformation temperature [13]:

C = C1·ZC2 (19)

where C1 (s) and C2 (−) are the material parameters, which are determined by regression
separately for each strain rate

.
ε (as line slope and the intersection of the given dependence

with the y-axis), by converting relation (19) into a linear form—see Figure 7a (for steel
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B). The parameters obtained in this way are further linearly dependent on the strain rate
.
ε [30]—see Figure 7b (for steel B). The resulting relationship for the prediction of the strain
hardening exponent C will, therefore, have the general form:

C =
(
a· .

ε + b
)·Z(c· .

ε+d) (20)

Figure 6. Determining the constant C for steel B (temperature 1000 ◦C, strain rate 20 s−1).

Figure 7. Determination of constants C1 and C2 for steel B: (a) determination of parameters C1 and
C2 according to the Equation (19); (b) dependence of parameters C1 and C2 on strain rate.

The values of material constants a (s2), b (−), c (s) and d (−) intended for the prediction
of the strain hardening exponent C of all investigated steels (according to relation (20)) are
given in Table 6.

Table 6. The material constants intended for prediction of strain hardening exponent C of investigated
steels according to Equation (20).

Steel A Steel B Steel C Steel D

a (s2) 0.0729 0.0281 −0.0572 −0.0600
b (−) 0.9348 0.8252 1.8288 1.4904
c (s) −0.0018 −0.0011 0.0004 0.0020

d (−) −0.0203 −0.0212 −0.0578 −0.0420

Using Equations (4), (6), (16) and (20) and using the material constants listed in
Tables 3 and 6. It can be predicted the critical εcrDRX strains necessary to induce dynamic
recrystallization of all investigated non-alloyed carbon steels for the given thermomechani-
cal forming conditions. The critical flow stress σcrDRX (MPa), corresponding to the onset
of dynamic recrystallization, can then be relatively easily determined using a modified
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Cingara and McQueen relationship (14), in which the strain ε is replaced by the critical
strain required to induce dynamic recrystallization εcrDRX:

σcrDRX = σp·
[

εcrDRX
εp

· exp
(

1 − εcrDRX
εp

)]C
(21)

The course of the determined values σcrDRX and εcrDRX depending on the Zener–
Hollomon parameter of all investigated steels is shown in Figure 8.

Figure 8. Dependence of determined values σcrDRX and εcrDRX on parameter Z: (a) steel A; (b) steel
B; (c) steel C; (d) steel D.

5. Verification of Determined Critical Strains εcrDRX

To verify the validity of the determined critical strains necessary to induce dynamic
recrystallization εcrDRX, additional isothermal uniaxial compression tests were performed
on steels A, B and D at selected temperature and strain rate combinations. These additional
experiments are aimed to detect dynamically recrystallized grains in the microstructure
of the investigated steels. The heating mode of individual steels, or cylindrical specimens
with a diameter of 10 mm and a height of 15 mm, corresponded to the description given
in Section 2. After heating and defined holding time at the deformation temperature, the
specimens were deformed by uniaxial compression. The strain value was determined to be a
multiple of 1.3·εcrDRX, while the critical strain necessary to induce dynamic recrystallization
of εcrDRX was determined according to relation (16), resp. according to the procedure
described in Section 4.2. In order to preserve the structure, the specimens were quenched in
water immediately after deformation. The thermomechanical parameters of the individual
supplementary uniaxial compression tests are given in Table 7.
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Table 7. Parameters of additional uniaxial compression tests of steels A, B and D.

Specimen Td (◦C)
.
ε ε (−)

Steel A
A1 950 0.05 0.13
A2 1050 1 0.14
A3 1150 20 0.18

Steel B
B1 900 0.05 0.16
B2 1000 1 0.18
B3 1100 20 0.22

Steel D
D1 900 0.05 0.10
D2 1000 1 0.12
D3 1100 20 0.16

The deformed and quenched specimens were then tempered at 300 ◦C. The specimens
were cut in the middle of their diameter (in the direction of their height) into two halves
for metallographic analysis. The specimens prepared in this way were then etched with
Alkilo with the addition of HCl to highlight the boundaries of the original austenitic grains.
The microstructure in the middle of the height of these specimens was documented by
SEM analysis on a JEOL JSM-6490LV microscope under BES imaging (combination of
backscattered and secondary electrons, i.e., material and topographic contrast). Documen-
tation of the microstructure of the examined specimens from steels A and B is given in
Figures 9 and 10.

Figure 9. Metallographic images with etched boundaries of original austenitic grains of steel A:
(a) Td = 950 ◦C,

.
ε = 0.05 s−1, ε = 0.13; (b) Td = 1050 ◦C,

.
ε = 1 s−1, ε = 0.14; (c) Td = 1150 ◦C,

.
ε = 20 s−1,

ε = 0.18.
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Figure 10. Metallographic images with etched boundaries of original austenitic grains of steel B:
(a) Td = 900 ◦C,

.
ε = 0.05 s−1, ε = 0.16; (b) Td = 1000 ◦C,

.
ε = 1 s−1, ε = 0.18; (c) Td = 1100 ◦C,

.
ε = 20 s−1,

ε = 0.22.

Using SEM analysis of uniaxial compression tested specimens, fine dynamically recrys-
tallized grains were detected in the microstructure of the steels A and B in all investigated
cases—see Figures 9 and 10. These dynamically recrystallized grains, in most cases, are
formed at the boundaries of the original austenitic grains (see for example, Figure 9b,
Figure 10a or Figure 10b). In the case of the steel B, the differences between the original and
dynamically recrystallized grains are clearly visible—see Figure 10. Due to the quenching
of the deformed specimens with water, martensite with relatively coarse lath was formed
in the original austenitic grains. The new dynamically recrystallized grains, formed at the
boundaries of the original austenitic grains, contained martensite with a finer morphology.
This additional experiment thus confirmed the validity of the determined critical strains
εcrDRX, which are necessary to induce dynamic recrystallization of steels A and B.

Unfortunately, in the case of the steel D, the boundaries of the original austenitic grains
could not be clearly etched, not even with the use of other etchants. Signs of the boundaries
of the original austenitic grains could only be seen in specimen D3 (see Figure 11), but it is
not possible to reliably determine whether these are dynamically recrystallized grains.
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Figure 11. Metallographic image with uncertain etched boundaries of the original austenitic grains
of steel D—Td = 1100 ◦C,

.
ε = 20 s−1, ε = 0.16.

6. Discussion of Results

6.1. Predicted Peak Flow Stress and Peak Strain

Using Equations (4) and (6) and using the material constants listed in Table 3, peak
flow stress σp and peak strain εp of the investigated steels for the given thermomechanical
forming conditions can be predicted—see Figure 12. The peak flow stress σp and the
peak strain εp of the investigated steels increases with the increasing value of the Zener–
Hollomon parameter—see Figure 12. Steels with a higher carbon content or a higher
carbon equivalent value showed greater maximum flow stress for a given size of the Zener–
Hollomon parameter—see Figure 12a. In the case of the influence of carbon content or
carbon equivalent on the value of the peak strain εp, the situation is more complicated.
The low carbon steel A showed the lowest peak strain εp of all investigated steels—see
Figure 12b. Thus, it can be assumed that for these conditions, the lowest strain will be
needed to induce dynamic recrystallization of this low carbon steel compared to other
investigated steels. In the case of the medium carbon steel C, for high values of the
parameter Z (above 1 × 1014 s−1), smaller strains are needed to achieve peak flow stress
than in the case of the low carbon steel B—see Figure 12b. In the case of the high carbon steel
D, the values of predicted peak strain εp in the whole range of the parameter Z are slightly
lower than in medium carbon steel C. At values of the Z parameter above 4 × 1012 s−1,
the predicted peak strain εp of the steel D is also lower than in the low carbon steel B—see
Figure 12b.

Figure 12. The effect of Zener–Hollomon parameter Z to the predicted values of σp and of εp of
investigated steels: (a) peak flow stress σp; (b) peak strain εp.
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6.2. Predicted Critical Flow Stress and Critical Strain for Induce of DRX

The comparison of the determined critical flow stresses σcrDRX and critical strains
εcrDRX necessary to induce dynamic recrystallization, depending on the Zener–Hollomon
parameter Z, is shown for all investigated steels in Figure 13. Steels with higher carbon
content or a higher value of carbon equivalent for a given size of the Zener–Hollomon
parameter, showed larger values of critical flow stress σcrDRX—see Figure 13a, similar to the
case of peak flow stress σp. Influence of carbon content or carbon equivalent to the value of
the critical strain εcrDRX was, except for the high carbon steel D, similar to the critical flow
stress σcrDRX. For a similar size of the Zener–Hollomon parameter, smaller critical strains
εcrDRX are required to induce dynamic recrystallization of the high carbon steel D than in
the case of the medium carbon steel C—see Figure 13b.

Figure 13. The effect of Zener–Hollomon parameter Z to determined critical stresses σcrDRX and
critical strains εcrDRX for induce of dynamic recrystallization of investigated steels: (a) critical flow
stress σcrDRX; (b) critical strain εcrDRX.

Figures 12b and 13b document that in the case of the steels B, C and D, in comparison
to the steel A, larger strains are needed to induce the dynamic recrystallization. This would
suggest that a higher carbon content in the investigated steels should lead to a retardation of
dynamic softening processes. However, when comparing the B, C and D steels only among
themselves, the effect of the carbon content on the kinetics of dynamic recrystallization is
not convincingly clear because the corresponding values of the critical strain εcrDRX as well
as the values of the peak strain εp are very similar (for given values of the parameter Z).

The graphical dependencies shown in Figures 12 and 13 confirm that the stress σp or
σcrDRX and the strain εp or εcrDRX increase in all investigated steels, with the increasing value
of the parameter Z. This confirms the well-known fact that it is necessary to apply larger
strains to induce dynamic recrystallization of the material at high values of the parameter
Z [2,4,5,40,57], or it is necessary to ensure their accumulation during very short inter-pass
times (for example, during rolling strips or in finishing blocks in wire rolling) [7,10].

Figure 14 shows 3D column charts documenting the dependence of the difference
between peak strain εp and critical strain εcrDRX for the given thermomechanical forming
conditions of all investigated steels. It is clear from Figure 14 that the difference between εp
and εcrDRX increases as the deformation temperature decreases and the strain rate increases.
At high deformation temperatures and low strain rates, the difference between εp and εcrDRX
is small (approx. 0.04 to 0.07). However, in the case of a combination of low deformation
temperatures and high strain rates, the difference between εp and εcrDRX reaches values
up to 0.46, which is a significant fact, especially from the point of view of operating
conditions. However, the ratio between εcrDRX and εp is very similar for all combinations
of thermomechanical forming conditions of all investigated steels—i.e., ranging from 38%
to 48%.
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Figure 14. Graphical comparison of the difference between the peak strain εp and the critical strain
εcrDRX of the investigated steels: (a) steel A; (b) steel B; (c) steel C; (d) steel D.

The procedure for determining the critical strains εcrDRX required to induce dynamic
recrystallization, which is given in Section 4.2, is relatively time-consuming. However,
the determined critical strains εcrDRX can be related to the predicted peak strain εp—see
Figure 15. It is, therefore, clear from the Figure 15 that the predicted critical strain εcrDRX
depends linearly on the peak strain εp. Thus, for the investigated non-alloyed carbon steels,
it is possible, very simply and at the same time with very good accuracy, to determine the
value of the critical strain εcrDRX only via relation to the value of the peak strain εp:

for steel A : εcrDRX = 0.4326·εp (22)

for steel B : εcrDRX = 0.4402·εp (23)

for steel C : εcrDRX = 0.466·εp (24)

for steel D : εcrDRX = 0.4454·εp (25)

The very good accuracy of the above listed equations is documented by the high
values of the coefficients of determination: for Equation (22) R2 = 0.9955; for Equation (23)
R2 = 0.9975; for Equation (24) R2 = 0.9922 and for Equation (25) R2 = 0.9912.

Since, in Equations (22)–(25), the intersection with the y-axis is equal to 0, and the
slope of the above linear dependencies of the critical strain εcrDRX on the peak strain εp of
all investigated steels are very similar (see Equations (22)–(25)), it is possible to compile a
relationship that would describe this dependence (see Figure 16a) comprehensively for all
investigated steels:

εcrDRX = 0.4462·εp (26)
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Figure 15. Relationship between critical strain εcrDRX and peak strainεp of investigated steels: (a) steel
A; (b) steel B; (c) steel C; (d) steel D.

Figure 16. Dependence of the critical strain εcrDRX and the critical flow stress σcrDRX on the corre-
sponding coordinates of the peak stress of all investigated steels: (a) critical strain εcrDRX; (b) critical
flow stress σcrDRX.

Similarly, it is also possible to approach the simplified prediction of critical flow stress
σcrDRX in dependence on the peak flow stress σp for all investigated steels using a single
complex equation (see Figure 16b):

σcrDRX = 0.9138·σp (27)

The excellent accuracy of Equation (26) is documented by the high value of the
corresponding coefficient of determination R2 = 0.9918 and graphically in Figure 16a. In the
case of Equation (27), its excellent accuracy is again documented by the high value of the
corresponding coefficient of determination R2 = 0.9937, as well as graphically in Figure 16b.
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Linear dependence of the critical strain εcrDRX on the peak strain εp of all investigated
steels is expressed with excellent accuracy by Equations (22)–(26). Equation (24), which
expresses the linear dependence of εcrDRX on εp of the medium carbon steel C, corresponds
very well to the analogous dependence derived in [13] for C45 medium carbon steel
(with similar chemical composition), which, however, was deformed in a wider range of
deformation temperatures and strain rates:

εcrDRX = 0.48·εp (28)

The relationship expressing the dependence of critical strain εcrDRX on peak strain εp
was also derived by Liu et al. [18] for 316LN high-alloy steel:

εcrDRX = 0.6·εp (29)

The 316LN steel used in [18] contained 0.12 C, 1.28 Mn, 13.2 Ni, 17.2 Cr and 2.4 Mo (all
in wt %). Fernández et al. in [17] also derived a relation describing the linear dependence
of critical strain εcrDRX on peak strain εp for low carbon micro-alloyed steels:

εcrDRX = 0.77·εp (30)

The micro-alloyed steels used in [17] contained 0.1 C, 1.28 Mn, 0.035 Nb, 0.0053 N
and 0.07 C, 0.62 Mn, 0.034 Nb, 0.067 Ti, 0.0043 N (all in wt %). According to the general
assumptions, the high content of alloying elements (e.g., Cr and Mo) in steels results in
their strengthening and slowing down the kinetics of softening processes because these
elements increase the activation energy of recrystallization. It should also be the case that
microalloying elements (e.g., Nb and Ti) bind to carbon or nitrogen in steels and form
precipitates (carbides, nitrides or carbonitrides Nb, Ti, etc.). These precipitates are formed at
grain boundaries and slip planes, i.e., in places potentially suitable for the nucleation of new
nuclei formed by recrystallization. Microalloying elements precipitated in solid solution or
precipitates then inhibit recrystallization, increase flow stress and significantly reduce the
plastic properties of steels [1,5,37,61,62]. Thus, it can be concluded that a higher strain is
required to initiate the dynamic recrystallization of 316LN high alloy steel compared to
unalloyed low carbon steel B (with a similar carbon content of 0.16 C), which corresponds to
Equations (29) and (23). Similarly, it can also be concluded that in the case of micro-alloyed
steels, higher strain is required to initiate dynamic recrystallization than in the case of
non-alloyed carbon steels with similar carbon content (0.036 wt % for steel A, 0.16 wt % for
steel B), which corresponds to Equations (30), (22) and (23).

6.3. Hot Deformation Activation Energy

The determined values of the hot deformation activation energy Q decrease with in-
creasing carbon content or with an increasing value of carbon equivalent in the investigated
steels, as also documented in Figure 17a:

Q = −14.7· ln(C) + 273.93 (31)

Q = −20.11· ln(Cekv) + 275.03 (32)

where C is the carbon content (wt %) and Cekv (−) is the carbon equivalent of the investigated
steels. The accuracy of Equations (31) and (32), documented by the relevant coefficients of
determination R2 = 0.9062 for Equation (31), or R2 = 0.8813 for Equation (32) is sufficient.
Suppose that from graphical dependence of the activation energy on the carbon content
or on the size of the carbon equivalent is excluded activation energy of medium carbon
steel C, because the deformation temperatures of this steel were chosen by a different
methodology than in the present work. Thus, the accuracy of simple prediction of the hot
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deformation activation energy Q depending on the carbon content will increase significantly
(see Figure 17b):

Q = −16.58· ln(C) + 267.74 (33)

Q = −23.74· ln(Cekv) + 267.13 (34)

Figure 17. Dependence of hot deformation activation energy Q on carbon content and carbon
equivalent of investigated steels: (a) for all investigated steels; (b) for the investigated steels A, B
and D.

Excellent accuracy of Equation (33) is documented by the high value of the coefficient
of determination R2 = 0.9894. In the case of Equation (34), the coefficient of determination
reaches the value R2 = 0.9999.

The values of hot deformation activation energy Q of similar non-alloyed carbon steels
can be found in the literature [63,64]. These were subsequently graphically compared
with the hot deformation activation energy values determined by analyzing measured
data in the ENERGY 4.0 software—see Figure 18. According to Figure 18, the activation
energy decrease with increasing carbon content in the investigated steels is in accordance
with the work results [61,63–66]. Mead and Birchenall reported in [67] that the activation
energy of iron self-diffusion decreases with increasing carbon content. Carbon increases the
self-diffusion coefficient of iron due to the expansion of the lattice that causes it. Thus, the
rate of atomic mechanisms controlled by iron self-diffusion may increase with increasing
carbon content, such as dislocation climbing, which reduces hot deformation activation
energy. Although the exact experimental conditions of the used steels are not clear from
the works [63,64], the graph in Figure 18 confirms the logarithmic dependence of the hot
deformation activation energy Q on the carbon content in non-alloy steels.

Figure 18. Comparison of values of hot deformation activation energy of non-alloyed carbon steels
obtained in the literature research.
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Parametric equations expressing the dependence of hot deformation activation energy
on the chemical composition of steels can also be found in the literature. In work [64],
Elfmark presented a simple equation describing the dependence of activation energy only
on the carbon content in non-alloy steels:

Q = 288.8 − 28.6·C (35)

In [62], Medina and Hernandez presented a relationship describing the dependence
of hot deformation activation energy on the mass content of carbon, manganese, silicon,
molybdenum, titanium, vanadium and niobium:

Q = 267000 − 2535.52·C + 1010·Mn + 33620.76·Si + 35651.28·Mo

+93680.52·Ti0.5919 + 31673.46·V + 70729.85·Nb0.5649 (36)

In [68], Colas presented an equation for calculation the value of the hot deformation
activation energy of non-alloy steels with a carbon content of 0.03–0.30 wt % C; 0.20–1.70
wt % Mn and max. 0.60 wt % Si:

Q = 282.7 + 92.4·C + 6.57·(Mn + Si) (37)

A comparison of the activation energy values determined by the analysis of the mea-
sured data in the ENERGY 4.0 software and calculated using Equations (31) and (35)–(37)
are documented in Figure 19.

Figure 19. Comparison of values of the hot deformation activation energy Q of investigated steels
determined by the ENERGY 4.0 software and using Equations (31) and (35)–(37).

Equations (31) and (35) and the results of the analysis of the measured data in the
ENERGY 4.0 software reflect the decrease of the hot deformation activation energy Q
with increasing carbon content in the investigated steels. However, the activation energy
determined according to Equation (35) is significantly lower in the case of the investigated
low carbon steels—see Figure 19. Medina and Hernandez [62] also included the influence
of alloying elements in calculating the hot deformation activation energy Q—see Equation
(36). This equation was determined by analyzing data measured by torsion tests performed
for a wide range of non-alloyed and alloyed steels in strain rates 0.54–5.22 s−1 and defor-
mation temperatures 850–1100 ◦C. The values of activation energy determined according
to relation (36) did not differ significantly depending on the carbon content of the non-alloy
carbon steels we examined—see Figure 19. According to the comparison chart shown in
Figure 19, Equation (36) can only be used for medium and high carbon steel. Colas [68],
on the other hand, presented the opposite trend, depending on the carbon content of
hot deformation activation energy Q—see Equation (37). Unfortunately, work [68] does
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not mention the thermomechanical forming conditions and chemical composition of the
investigated steels, for which the relation (37) was constructed. However, it is clear from
the graphical comparison in Figure 19 that relation (37) can only be used to predict the
activation energy of non-alloyed carbon steels with a carbon content of about 0.15 wt %
C. It follows from the above that parametric Equations (35)–(37) cannot accurately predict
the hot deformation activation energy Q value for all the steels examined in this paper.
For this purpose, the newly introduced relation (31), which expresses the logarithmic
dependence of the activation energy on the carbon content in the investigated steels, seems
to be more appropriate.

6.4. Mathematical Description of Flow Stress Curves of Investigated Steels

The model by authors Cingara and McQueen (14) [27], which was used to derive an
equation suitable for predicting critical strain εcrDRX, can also be used to approximate the
flow stress curves of investigated steels. Of course, other models can be used for these
purposes, which allow the approximation of the measured flow stress curves in the whole
range of strains, such as the model by authors Hensel and Spittel [35], etc.

In this case, however, it is easier to use the Cingara and McQueen model (14) because
the values of all relevant material constants are already determined for all investigated
steels. Using the predicted values of peak flow stress σp, peak strain εp, strain hardening
exponent C, or using the relations (4), (5), (6), (14), (20) and the corresponding material
constants (see Tables 3 and 6), it is, therefore, possible to mathematically describe the
individual flow stress curves of investigated steels—see Figure 20. The horizontal axis in
Figure 20 is the true strain ranging from 0.02 to 0.94 for each flow stress curve. Individual
flow stress curves correspond (for given deformation temperatures) from left to right with
strain rates 0.05–1.0–20 s−1. If there is no transition to steady state flow (steady state), the
model of Cingara and McQueen (14) can be used to approximate flow stress curves with
very good accuracy, not only for the range of strains from 0 up to the εp (or up to stress σp),
but also in the area of the prevailing decrease in flow stress—see Figure 20.

Figure 20. Comparison of measured (black points) and by Equation (14) predicted (blue points)
individual flow stress curves of investigated steels: (a) steel A; (b) steel B; (c) steel C; (d) steel D.
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The accuracy of predicted flow stress curves can be evaluated using the root mean
square error RMSE (MPa) [57,69]:

RMSE =

√
1
n
·∑n

i=1[σi − σ(εi)]
2 (38)

where n (−) represents the number of points of the flow stress curves of particular steel
included in the calculations (together for all combinations of temperature and strain rate).
The values of σi (MPa) then represent the experimentally obtained values of flow stresses
and σ(εi) (MPa) are the values of flow stresses obtained by prediction through the model
(14). The RMSE value then acquires a specific dimension (MPa). Since the model (14) [27]
was originally designed to mathematically describe the flow stress curves up to the peak
point (up to the strain of εp), the RMSE values were determined only for the predicted flow
stress curves in the range of strains from 0 do εp. The excellent accuracy of the predicted
flow stress curves (using Equation (14)) of all examined steels in the range of strains from 0
to εp is documented by low RMSE values (see Figure 21), which were up to 10 MPa for all
investigated steels. The lowest RMSEs (only about of 4 MPa) are then associated with the
steels A and B.

Figure 21. Root mean square error (RMSE) of predicted flow stress curves (by Equation (14)) in range
of low strains (from 0 to εp) of investigated steels.

7. Conclusions

The stress–strain curves of selected non-alloy carbon steels were investigated using
isothermal continuous uniaxial compression tests performed on a Gleeble 3800-GTC simulator.

The obtained stress–strain curves were analyzed in the ENERGY 4.0 software to
determine the hot deformation activation energy and other material constants suitable
for predicting the peak flow stress σp and the peak strain εp. The critical strains εcrDRX
required to induce dynamic recrystallization were then determined by analyzing the
stress dependence of the work hardening rate on peak stress, using model Cingara and
McQueen. In addition, the critical flow stresses σcrDRX were also determined using this
model, which corresponds to the critical strains εcrDRX of all investigated steels. Based
on the achieved results, it was confirmed that for a given size of the Zener–Hollomon
parameter, with increasing carbon content (or with increasing value of carbon equivalent)
in the investigated steels, their peak flow stress and critical flow stress also increase. In the
case of carbon content or carbon equivalent influence, the peak strain and critical strain size
made the situation more complicated. However, for all investigated steels, it was confirmed
that the difference between the peak strain εp and the critical strain εcrDRX increased with
decreasing deformation temperature and increasing strain rate.

Based on the critical strains εcrDRX, determined according to Equation (14) and subse-
quently experimentally verified, equations describing with excellent accuracy the simple
linear dependence of εcrDRX on the peak strain εp were derived for all investigated steels. In
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addition, equations comprehensively describing the linear dependence of the critical strain
εcrDRX on the peak strain εp and the critical flow stresses σcrDRX on the peak flow stress σp
were derived as well.

The determined hot deformation activation energy Q decreased with increasing carbon
content (or increasing value of carbon equivalent) in the investigated steels, and this
dependence was described with good accuracy by a logarithmic equation.

Using the model Cingara and McQueen individual flow stress curves of investigated
steels were mathematically described. The excellent accuracy of the predicted flow stress
curves of all investigated steels, especially in the range of strains from 0 to εp, was docu-
mented by the low determined values of root mean square error.
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44. Žídek, M. Metalurgická tvařitelnost ocelí za tepla a za studena [Metallurgical Formability of Steels at Hot and Cold Conditions], 1st ed.;
Aleko: Praha, Czech Republic, 1995. (In Czech)
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Abstract: The Mg-6.8Y-2.5Zn-0.4Zr (WZ73) alloy exhibits different microstructure characteristic
after conventional casting compared to the twin-roll cast (TRC) state. Twin-roll casting results
in a finer microstructure, where the LPSO phases are more finely distributed and less strongly
connected. A transfer of the hot deformation behavior from the as-cast condition to the TRC
condition is only possible to a limited extent due to the microstructural differences. Both states show
differences in the recrystallization behavior during hot deformation. In the conventional cast state,
dynamic recrystallization (DRX) is assumed to be delayed by the occurrence of coarse blocky LPSO
phases. Main DRX mechanisms are continuous dynamic recrystallization (CDRX), particle stimulated
nucleation (PSN) and twin induced dynamic recrystallization (TDRX). The deformed TRC sample
showed pronounced DRX at almost all deformation conditions. Besides the TDRX and the PSN
mechanism, kink induced dynamic recrystallization (KDRX) can be observed. Optimum deformation
conditions for both states are temperatures from 500 ◦C to 520 ◦C, and strain rates ranging from
0.01 s−1 to 0.1 s−1 for the as-cast material as well as a strain rate of 1 s−1 for the TRC material.

Keywords: flow curve; dynamic recrystallisation; processing map; LPSO phase; Mg-6.8Y-2.5Zn-0.4Zr;
twin-roll casting; hot deformation behavior

1. Introduction

Within the last few years, there has been increased research on magnesium alloys
with LPSO (long period stacking ordered) phases. These are known to provide alloys
with a good mechanical property profile. The LPSO phases are characterized by excellent
strength, unique crystal structure and good thermal stability. The good strength properties
are retained even at elevated temperatures due to the high melting temperature of 545 ◦C.
The high strength is mainly attributed to the formation of kink bands in the LPSO phase.
Several studies have reported the formation of kink bands during plastic deformation for
different initial states, such as as-cast or twin-roll cast. Predominantly, LPSO phases with
an 18R or a 14H structure occur after conventional casting as well as after twin-roll casting
(TRC) [1–7].

Many factors, such as temperature, strain rate and strain, are associated with the
hot deformation behavior of metallic metals. For magnesium alloys containing LPSO
phases, several papers are focused on the effect of such factors on workability and recrys-
tallization behavior. Li et al. (2020) [8] investigated the hot deformation behavior of a
Mg95.21Zn1.44Y2.86Mn0.49 magnesium alloy after homogenization. They have reported that
at low temperatures (250 ◦C–300 ◦C), kink band formation in connection with low strain
rates (0.01 s−1) twinning are the main deformation mechanisms. The beginning of dynamic
recrystallization (DRX) at the original grain boundaries was shown at temperatures be-
tween 350 ◦C and 400 ◦C, which remains incomplete. Increasing temperatures up to 500 ◦C
results in a complete DRX. Comparable results are presented by Zhang et al. (2018) [9] for a
homogenized Mg-Gd-Y-Zn-Zr alloy. Kink deformation mainly occurs at low temperatures,
where sliding systems of magnesium can hardly be activated. Fekete et al. (2020) [10]
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showed that twinning is still active at 300 ◦C during plastic deformation of a Mg98.5Y1Zn0.5
magnesium alloy. The investigations of Li et al. (2019) [11] revealed that twinning acts as
an additional deformation mode even at high strain rates (0.1–1 s−1) during deformation
of a Mg-5.6Gd-0.8Zn (wt.%) alloy. Dynamic recrystallization preferably starts at the twin
boundaries (TDRX), at temperatures between 350 ◦C and 400 ◦C. Increasing temperatures
lead to a change in the DRX mechanism, as new grains mainly originate at the original
grain boundaries. At 500 ◦C the degree of DRX is considerably high. Other studies indicate
that DRX starts at the primary LPSO phase [12]. It is reported that the formation of the
lamellar LPSO phase can increase the critical resolved shear stress (CRSS) of the basal plane
and improve the sliding of non-basal planes. Furthermore, regarding the interaction of
LPSO phase and twins, Shao et al. (2020) [13] indicate that thin LPSO lamella allow the
propagation of twins, while thick LPSO phases impede the twin propagation. However,
the significance of the LPSO phase during hot deformation of magnesium alloys remains
still unclear [10].

Based on our previous studies, this paper compares the hot deformation behavior of
the Mg-6.8Y-2.5Zn-0.4Zr (WZ73) alloy in the as-cast and the twin-roll cast condition. In
addition to the more economical and resource-saving production by reducing the forming
and annealing effort during TRC, the quality of the cast strips can basically be improved in
terms of homogeneity. The cooling rates (up to 2 106 K/s according to Allen et al. (2001) [14],
i.e., about ten times faster than in slab casting), which depend on the strip thickness, have
a positive effect on the microstructure and macrostructure of the strip during solidification,
as well as on the precipitation state [15]. A transfer of the hot deformation behavior from
the as-cast condition to the TRC condition is only possible to a limited extent, due to the
microstructural differences. The purpose of this paper is to show these differences.

2. Materials and Methods

Cast ingots of the WZ73 alloy (Mg-6.8Y-.5Zn-0.4Zr) acquired from XI’AN YUECHEN
Metal Products Co., Ltd., China, were used in this study. The chemical composition
is shown in Table 1. Samples for plane strain compression tests with dimensions of
20 mm × 30 mm × 5.3 mm (length × width × height) were cut from these ingots. This
condition is referred to as ‘as-cast’. The cast ingots were also used as initial material for
the twin-roll casting process. TRC was conducted on the industrial pilot plant (Pechiney,
France) of the Institute of Metal Forming, using a hybrid casting nozzle consisting of
steel and ceramic. Important casting parameters applied were line speed of 1.625 m/min,
casting temperature of 730 ◦C and maximum roll force of 290 kN. Detailed description
of the TRC of the WZ73 strips can be found in [4]. This condition is referred to as ‘TRC’.
Thickness of the TRC strip was 5.3 mm.

Table 1. Chemical composition of Mg-6.8Y-2.5Zn-0.4Zr (wt.%) alloy as determined by means of
optical emission spectrometry (OES, Spectro/Ametek, Germany).

Y Zn Zr Si Fe Cu Ni Others Mg

6.8 2.5 0.4 0.01 0.005 0.001 0.001 0.01 Balance

The plane strain compression tests were performed under process-oriented condi-
tions using a servo-hydraulic hot forming simulator. Samples were heat treated in an
air circulation furnace at a temperature of 500 ◦C for a holding time of 2 h. Subsequent
to the heat treatment, samples were compressed or cooled down (in the furnace) to the
deformation temperatures between 350 ◦C and 450 ◦C and kept at these temperatures for
15 min in order to achieve a homogeneous temperature distribution over the cross section.
To reduce friction between the samples surface and the tool, a graphite/oil mixture was
used. Isothermal flow curves were obtained based on the recorded force-displacement
data. Dissipation energy and friction were considered by the correction function according
to Siebel (1932) [16], with μ = 0.12. Softening effects as a result of dissipation energy were
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considered numerically by using the thermodynamic temperature factor Kϑ = exp(−m1·ϑ)
with m1 = −0.00427 ◦C−1 for both as-cast and TRC conditions. Continuous compression
was performed at strain rates of 0.01 s−1, 0.1 s−1, 1 s−1 and 10 s−1 (Figure 1). The samples
were deformed to an equivalent logarithmic strain of ϕv = 1. Immediately after compres-
sion, samples were quenched into water to impede softening processes during cooling.
Based on the flow curve data, processing maps are described as a function of temperature
and strain rate, using the dynamic material model (DMM). The detailed approach can be
found in [1,17].

Figure 1. Schematic diagram of plane strain compression test.

From the compressed samples, longitudinal sections across the cross-section were cut
and metallographically prepared for microstructural characterization. The samples were
ground and then polished with an oxide polishing suspension. Etching was carried out
in two steps. After brief rinsing with a 3% initial solution, the sample was etched with
a picric acid solution consisting of 70 mL ethanol, 10 mL distilled water, 10 mL glacial
acetic acid and 4.2 g picric acid. Light microscopic images were taken on a Keyence VHX
6000 microscope at the Institute of Metal Forming, Freiberg, Germany. Scanning electron
microscopic (SEM) evaluation was performed on a ZEISS GeminiSEM 450 device at the
Institute of Metal Forming, Freiberg, Germany. Different detectors were used for SEM:
angular selective back-scatter (AsB), back-scatter (BSE) and secondary electron detector
(SE). X-ray diffraction analysis (XRD) was performed on Empyrean Cu LFF HR at the
Academic Centre for Materials and Nanotechnology, University of Science and Technology,
Krakow, Poland using CuK radiation (λ = 1.540598 Å). Diffraction patterns were recorded
within the 2θ-range of 30 to 60 with a step size of 0.026. For phase identification, the ICDD
database was used. The diffraction peaks from Mg were identified based on ICDD 01-089-
5003. However, as the existence of 18R and 14H LPSO structures cannot be unambiguously
confirmed by the ICDD database, the final identification was only supported by ICDD and
was evaluated based on the studies form Luo et al. (2000) [18], Onorbe et al. (2012) [19]
and Wen et al. (2016) [20].

3. Results

3.1. Characterization of Initial States

Figure 2 showed the SEM-images of the microstructure of the homogenized (500 ◦C,
2 h) Mg-6.8Y-2.5Zn-0.4Zr alloy after conventional and after twin-roll casting. The mi-
crostructure of both conditions mainly consists of the α-magnesium matrix (dark grey)
and network-like LPSO phases (light grey) located along the grain boundaries. Twin-roll
casting leads to a finer microstructure compared to conventional casting. Thickness of the
blocky LPSO phases within the network varies from 2 μm to 5 μm in the TRC (Figure 2d),
while it rises up to 20 μm in the as-cast state (Figure 2c). According to the results of the
X-ray diffraction analysis (Figure 3) and EDX analysis (Table 2), LPSO phases could be
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assigned to an 18R or 14H structure. The exact distinction of both kinds of LPSO phases
requires transmission electron microscopy. Based on the literature, the results are consistent
with those of other research groups investigating magnesium alloys consisting of LPSO
phases [21–23]. A detailed view into the microstructure (Figure 4) reveals another substan-
tial difference between both initial states. After conventional casting, thin lamellar LPSO
phases arise within the α-magnesium grains (Figure 4a). It is reported that those lamellae
are enriched with Y and Zn [24], and can be assigned to the 14H structure [6,25]. It is
assumed that the 14H LPSO lamellae can grow from stacking faults (SF) which precipitated
from a supersaturated Mg matrix. During twin-roll casting and subsequent annealing, the
formation of lamellar LPSO phases cannot be observed (Figure 4b). It is therefore assumed
that the high cooling rate during TRC and the characteristic solidification conditions have
a major impact on the precipitation kinetics of the LPSO phases. The amount of Y and
Zn within the magnesium matrix after conventional casting is 3.6 wt.% and 1.4 wt.%,
respectively, while it is 2.2 wt.% and 0.7 wt.% in the TRC state. Higher amounts of solute
atoms in the magnesium matrix after TRC can be achieved by heat treatments at high
temperatures above 500 ◦C and long holding times above 6 h. Previous studies showed
that the amount of Y and Zn increased to 3.8 wt.% Y and 1.4 wt.% Zn after homogenization
at 525 ◦C for 6 h. Followed by a low cooling rate, thin lamellar LPSO phases precipitate
within the magnesium matrix [4].

 

Figure 2. SEM images of the homogenized (500 ◦C, 2 h) Mg-6.8Y-2.5Zn-0.4Zr alloy: as-cast (a,c),
(20 kV, AsB) and the TRC (b,d), (15 kV, SE) initial states: red points indicate EDX point measurement
of the Mg matrix (A,C) and network-like LPSO structures (B,D).
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Figure 3. Results of the X-ray diffraction analysis (XRD) of the homogenized (500 ◦C, 2 h) Mg-6.8Y-
2.5Zn-0.4Zr alloy after conventional and after twin-roll casting.

Table 2. Chemical composition of microstructural constituents from the as-cast and the TRC condition
in Figure 2 (A, C—magnesium matrix, B, D—network-like LPSO structures) determined by means of
energy dispersive X-ray spectroscopy (EDX)-analysis (wt.%).

Name Mg Y Zn

A matrix as-cast 95.0 3.6 1.4
B LPSO as-cast 73.2 17.2 9.6
C matrix TRC 97.1 2.2 0.7
D LPSO TRC 74.2 15.6 10.2

 

Figure 4. SEM images of the homogenized (500 ◦C, 2 h) Mg-6.8Y-2.5Zn-0.4Zr alloy after (a) conven-
tional (20 kV, AsB) and after (b) twin-roll casting (15 kV, SE), detailed view.

3.2. Hot Deformation Behavior
3.2.1. Flow Stress Behavior

Figure 5 shows the flow stress–strain curves of the homogenized Mg-6.8Y-2.5Zn-0.4Zr
after conventional and twin-roll casting deformed under different temperatures (350 ◦C,
400 ◦C, 450 ◦C, 500 ◦C) and strain rates (0.01, 0.1, 1, 10 s−1) during hot compression. At a
deformation temperature of 450 ◦C (Figure 5a) the flow stress–strain curves offer similar
characteristics and the curves can be separated in three distinct regions. According to
the occurring deformation mechanisms these regions correspond to hardening, transition
and softening [26]. At the beginning of the flow, curve strain hardening is dominant and
depends on the dislocation structure originating from plastic deformation. The increasing
flow stress results from the dislocation storage, for example at the interface of α-Mg and
LPSO phase. At low strain rates (<1 s−1), the beginning of the plastic flow is accompanied
by higher flow stresses in the as-cast condition, while at 10 s−1 the TRC and as-cast
condition exhibit the same flow stress at the beginning of the plastic flow. Maximum
flow stress in the as-cast state is higher compared to the TRC state. It is assumed that at
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the large-scale LPSO phases in the as-cast state the dislocation density is higher because
dislocations can hardly overcome or circumvent those LPSO phases compared to the finer
phases after TRC. Therefore, in the as-cast condition, the flow curve exhibits higher flow
stresses at 450 ◦C.

Figure 5. Flow stress-strain curves of the homogenized Mg-6.8Y-2.5Zn-0.4Zr alloy after conventional
and twin-roll casting, deformed at (a) a temperature of 450 ◦C and different strain rates (0.01, 0.1, 1,
10 s−1), and at (b) a strain rate of 1 s−1 and different temperatures (350, 400, 450, 500 ◦C).

After reaching the peak stress, the flow decreases or remains at a certain level because
of softening processes, which take place when plastic deformation is maintained. During
softening, dislocation movement is enabled by cross-slip and climbing processes, which
result in the annihilation of dislocations and in a decreasing dislocation density. Both lead
to a decrease of the flow stress. The flow curves of the as-cast condition reveal only a
slight decrease of the flow stress, and then it is in a quasi-steady state, where hardening
and softening counteract each other. It is assumed that at 450 ◦C dynamic recovery is the
dominant softening mechanism. Only a small amount of dynamic recrystallization can be
observed, indicating that the DRX remains incomplete even at high strains and low strain
rates (Figure 6a,c). After twin-roll casting, the softening behavior deviates from the above.
Once the maximum flow stress is exceeded, the flow curve drops significantly, which could
be attributed to dynamic recrystallization (Figure 6b,d). The micrographs show an almost
completely recrystallized structure at both high (10 s−1) and low (0.01 s−1) strain rates.

Decreasing forming temperatures result in increasing flow stress, which is shown in
a temperature range from 350 ◦C to 500 ◦C and a strain rate of 1 s−1 in Figure 5b. The
Mg-6.8Y-2.5Zn-0.4Zr alloy in the as-cast state exhibits an enhanced hardening behavior
during plastic deformation at 350 ◦C and 400 ◦C. Softening during compression could
not be obtained, and the samples deformed at 350 ◦C failed at a strain of 0.4. The TRC
material revealed that softening occurred after reaching the peak stress even at low de-
formation temperatures (350 ◦C–400 ◦C). However, at 350 ◦C sample failed at a strain of
0.3, because enhanced hardening in the early stage of deformation results in the formation
of microcracks, which provided the starting point for the material failure. From temper-
atures up to 400 ◦C, the flow curves show a characteristic progression of hardening and
softening, with DRX predominating. Differences in temperature-dependent hardening and
softening behavior between as-cast and TRC conditions almost disappear at 500 ◦C. At
500 ◦C, the flow curve of the conventional cast material also shows a softening behavior
typical of dynamic recrystallization. For magnesium alloys containing LPSO phases, sev-
eral research groups investigated the hot deformation behavior and presented comparable
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results. Li et al. (2020) [8] showed flow stress-strain curves for a Mg95.21Zn1.44Y2.86Mn0.49
magnesium alloy, which are typical for DRX during hot compression. Main deformation
mechanisms were kink deformation and twinning, while dynamic recrystallization oc-
curred along the original grain boundaries and in the vicinity of the LPSO phases. Flow
curves of the Mg-5.6GD-0.8Zn (wt.%) alloy reveal DRX characteristics expect hot defor-
mation at 350 ◦C and 0.1 s−1 to 1 s−1. At higher strain rates, twinning is an additional
deformation mode and DRX takes place at the twin boundaries [11]. Lv et al. (2014) [27]
investigated the hot deformation behavior of a Mg-2.0Zn-0.3Zr-5.8Y (wt.%) alloy in the
temperature range from 300 ◦C to 500 ◦C and strain rates from 0.001 s−1 to 1 s−1. The
material showed a characteristic behavior of strain hardening and flow softening at low
temperatures and high strain rates, while the flow stress decreases to a steady state at high
temperatures and low strain rates.

 

Figure 6. Optical micrographs of the deformed samples of the Mg-6.8Y-2.5Zn-0.4Zr alloy after
conventional (a,c) and after twin-roll casting (b,d) at 450 ◦C and strain rates of 0.01 s−1 (a,b) and
10 s−1 (c,d).

3.2.2. Constitutive Equation

The activation energy is an important material parameter for determining the critical
conditions for initiating dynamic recrystallization. In determining the model coefficients, it
is assumed that the processes taking place during hot deformation are diffusion-controlled
and thus strain rate- and temperature-dependent. The calculated flow curves form the
basis for determining the dynamic recrystallization processes. From the flow stress max-
ima determined, the Zener–Hollomon parameter Z is established, considering the model
coefficients A, α and n as well as the activation energy Q, using Equation (1) according to
Sellars (1966) [28,29]:

Z =
.
ε exp

{
Q

R·T
}

= A[sin(ασ)]n (1)

where
.
ε is the strain rate (s−1), σ is the flow stress (MPa), A and α are material constants,

n is the stress exponent, R is the universal gas constant (8.314 J·K−1mol−1), and T is the
absolute deformation temperature (K). Values for A, α and n for the as-cast and the TRC
states can be found in Table 3. The parameters of the equation were determined using the
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mean values from the increases in the graphs, which represented the linear relationship of
the flow stress to the comparative strain rate and temperature.

Table 3. Model coefficients for determination of Z according to Equation (1).

Model Coefficient As-Cast State TRC State

A in s−1 5.33817 × 1019 2.61662 × 1019

α in MPa−1 0.010677 0.010849

n 6.6051 7.4871

The activation energy describes the difficulty of initiating deformation during hot
working and is simultaneously affected by dynamic precipitation formation, pinning
effects of dislocations, and the occurrence of secondary phases. The activation energy
for dynamic recrystallization of LPSO containing magnesium alloys derived by different
scientists is very different and varies between 182 kJ/mol and 276 kJ/mol, according to
Gonzales et al. (2016) [30]. These values are significantly higher than the activation energy
for self-diffusion in magnesium (135 kJ/mol [31]). Figure 7 shows the activation energies
for various Mg alloys with LPSO phases. Only Mg-Y-Zn-Mn [8] and Mg-Gd-Zn [11] offer
higher values with 393 kJ/mol and 289 kJ/mol, respectively. The activation energy for
the Mg-6.8Y-2.5Zn-0.4Zr alloy investigated in this work is 279 kJ/mol for as-cast and
270 kJ/mol for the TRC conditions, and is thus in the upper range. Possible origins of
the high Q-values for the Mg-Y-Zn alloys lie in the presence of the LPSO phase, which
can occupy a proportion of up to 20% [4], depending on the alloy composition. The
LPSO phases impede dislocation movement during deformation and cause self-diffusion
within the crystal lattice to be suppressed. The influence of the proportion of alloying
elements becomes clear when comparing the activation energy with twin-roll cast AZ31.
Investigations by [32] show a value of Q = 178 kJ/mol.

Figure 7. Activation energy Q of LPSO containing magnesium alloys compared to pure
Mg [8,11,30,31,33,34].

3.2.3. Deformation and Recrystallization Behavior

The LPSO phases occur in different forms, block-like, connected to networks or iso-
lated as well as in lamellar form. Due to their high thermal stability, a high density of
LPSO phases remains in the microstructure even after hot deformation at temperatures
between 350 ◦C and 500 ◦C. Figure 8 shows SEM images of the as-cast and the TRC con-
dition after hot deformation, revealing differences in the nature of the LPSO phases that
significantly affect recrystallization behavior. In the deformed sample after conventional
casting (Figure 8a), the LPSO phases appear predominantly as coarse block-like structures
that are interconnected in a network. These consecutive LPSO phases disrupt the boundary
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migration of the DRX nuclei and have a hindering effect on the dynamic recrystallization.
Simultaneously, lamellar LPSO phases occur within the magnesium matrix grains. As
a result of hot deformation, the lamellae were kinked (Figure 9) and exhibit zigzag-like
morphologies (Figure 10b,d). The initiation and arrangement of basal pairs of dislocations
that align perpendicular to the slip plane are suggested to be the origin for the formation of
kink boundaries [35]. The stacking sequence of the lamellar 14 H LPSO phase is suggested
to restrict dynamic recrystallization and the occurrence of twinning within the matrix
grains [36]. Therefore, in the as-cast state, fine DRXed grains are mainly formed at the
initial grain boundaries as a result of continuous dynamic recrystallization (CDRX), and
in the vicinity of the block-shaped LPSO phase via particle stimulated nucleation (PSN).
However, PSN is less pronounced due to the suppressive effect caused by the nature of
the blocky LPSO phases. Consequently, a bimodal microstructure consisting of coarse de-
formed original grains as well as fine dynamic recrystallized grains develops (Figure 10b,c).
Contrary to the assumption of Hagihara et al. (2010) [36], twins can be observed within the
magnesium matrix despite the presence of the lamellar LPSO phase (Figure 10a). These
also serve as starting points for the dynamic recrystallization (TDRX, Figure 10c). Based on
these results, DRX is assumed to be delayed and the main recrystallization mechanisms of
the as-cast conditions are CDRX, PSN and TDRX. Kink-aided dynamic recrystallization
(KDRX), like it was reported by Chen et al. (2020) [37] can hardly be detected. They showed
that KDRX mainly occurs, where the LPSO phase is fairly fragmented. In this work, at
low temperatures (350 ◦C) LPSO lamellae are kinked but not fragmented (Figure 9a). As
can be seen from Figure 9a, kinking only takes place when lamellae are aligned parallel
to compression direction. Fragmentation of lamellar LPSO phases can only be observed
at temperatures above 450 ◦C (Figure 9b), and KDRX can be found. However, only a few
grains exhibit lamellae in the compression direction and, at the same time, fragmentation
of the lamellae, so the number of grains in which KDRX takes place is limited.

 

Figure 8. SEM images (15 kV, SE) of the deformed samples (a) as-cast condition, overview, (b) as-cast
condition, detail and (c) TRC condition, detail.

Figure 9. SEM images (20 kV, BSD) of deformed samples of the as-cast condition: (a) kinking at
350 ◦C and (b) kink-aided dynamic recrystallization at 450 ◦C.
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Figure 10. Optical micrographs of the deformed samples after conventional casting (a–d) and TRC
(e–h) showing different deformation and recrystallization mechanisms.

In the TRC initial state, the block-like LPSO phase is more finely distributed and,
above all, less strongly connected. The deformed specimen shows that the blocky LPSO
phase is aligned in the flow direction of the material. At the same time, previous investi-
gations [4] show that, depending on the deformation temperature, lamellar LPSO phases
are precipitated within the Mg matrix during cooling from the heat treatment (Figure 11).
It can be clearly seen that at 350 ◦C almost the entire Mg matrix is equipped with lamellae
(Figure 11a), while at 450 ◦C only a few grains have lamellar LPSO phases (Figure 11b). This
results in different recrystallization mechanisms depending on the deformation temperature.

Figure 11. Optical micrographs of the deformed samples after twin-roll casting compressed at
different temperatures (a) 350 ◦C and (b) 450 ◦C and a strain rate of 10 s−1.

When deformation takes place at 350 ◦C, hardly any DRX occurs. However, it was also
found in previous investigations [38] that twin and lamellar LPSO phases occur simultane-
ously. As the deformation temperature increases, the number of grains exhibiting lamellar
LPSO phases decreases. Twins continue to occur (Figure 10e). Twin boundaries serve as
starting points for dynamic recrystallization (TDRX) during hot deformation (Figure 10f,h).
In the TRC initial state, DRX at the blocky LPSO phases plays a more important role. Their
fine distribution and less network-like nature favor DRX by PSN (Figure 10h). Comparable
results are also reported by Onorbe et al. (2012) [19]. Thus, a uniformly recrystallized
microstructure can be achieved (Figure 10g). In deformed specimens exhibiting lamellar
LPSO phases and kinking, DRX can be observed sporadically at the kink boundaries.
Comparable to the studies of Chen et al. (2020) [37], KDRX occurs when the lamellae are
fragmented (Figure 12a). However, this phenomenon occurs rather rarely. Figure 12b
shows that LPSO lamellae without kinking have a rather unfavorable effect on the DRX.
The grains with lamellae remain in the almost completely recrystallized microstructure.
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Figure 12. Optical micrographs of the deformed samples after twin-roll casting: (a) KDRX at
fragmented lamellar LPSO phases and (b) grains with lamellar LPSO phases remain, while the
surrounding microstructure is almost completely recrystallized.

3.2.4. Processing Maps

The DMM processing maps at a moderate strain of 0.4 are shown in Figure 13a for
the as-cast, and in Figure 13b, for the TRC condition. Processing maps are based on an
overlap of the power dissipation maps with the instability one according to [39]. The
yellow regions possess high power dissipation efficiency of about 27% to 30% for the
as-cast and 34% to 44% for the TRC condition. Both conditions offer a high efficiency at
high strain rates (5 s−1) in a temperature range of 400 ◦C to 440 ◦C for TRC condition,
while for as-cast conditions higher temperatures of 450 ◦C to 470 ◦C are required for higher
power dissipation efficiency. At higher temperatures (500 ◦C to 520 ◦C) moderate strain
rates of 1 s−1 (TRC condition) and low strain rates of 0.1 s−1 to 0.01 s−1 (as-cast condition)
are preferable for hot deformation. Under these conditions, dynamic recrystallisation is
assumed to occur preferentially during hot deformation.

Figure 13. Processing maps of the (a) as-cast condition and (b) TRC condition in the temperature
range from 350 ◦C to 525 ◦C at a strain of 0.4 [1,38].

Literature data on suitable hot deformation conditions for comparable alloys con-
taining LPSO phases are presented in Figure 14. High efficiency regions are located at
temperatures below 500 ◦C and strain rates lower than 1 s−1. The conventionally cast and
TRC Mg-6.8Y-2.5Zn-0.4Zr alloy both show flow instabilities in this parameter range. A
second instability domain occurs at high temperatures (>500 ◦C). For the TRC condition
unstable flow is restricted to high strain rates (10 s−1), while it is broadened for the as-cast
condition to lower strain rates (0.01 s−1). In these zones, where the corresponding power
dissipation coefficient is comparatively low, microcracks nucleate and propagate along the
interface of the grain boundaries and the network-like LPSO phase. At low temperature
and/or high strain rates, a large quantity of dislocations could pile-up at the interface of
the magnesium matrix and the LPSO phase. The instability of adiabatic shear bands or
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local plastic flow tends to occur rather than dynamic recrystallization. Consequently, these
instabilities result in the formation of microcracks [1,38]. Optimum deformation conditions
are temperatures from 500 ◦C to 520 ◦C at strain rates ranging from 0.01 s−1 to 0.1 s−1 for
the as-cast material and a strain rate of 1 s−1 for the TRC material.

Figure 14. Process windows for several LPSO containing magnesium alloys based on processing
maps: (1) [27] (2) [40] (3) [41] (4) [1] (5) [42] (6) [8] (7) [9] (8) [38].

4. Conclusions

This paper compares the hot deformation behavior of the Mg-6.8Y-2.5Zn-0.4Zr (WZ73)
alloy in the as-cast and the twin-roll cast condition. The main findings can be summarized
as follows:

• The microstructure of both conditions mainly consists of the α-magnesium matrix and
network-like LPSO phases located along the grain boundaries. LPSO phases could be
assigned to 18R or 14H structures. Twin-roll casting leads to a finer microstructure
compared to conventional casting. After conventional casting, thin lamellar LPSO
phases arise within the α-magnesium grains, which can be assigned to the 14H
structure. In the TRC condition, lamellar LPSO phases are not observed.

• During hot deformation of the conventionally cast material, it is assumed that at 450
◦C dynamic recovery is the dominant softening mechanism. Only a small amount of
dynamic recrystallization can be observed, indicating that the DRX remains incom-
plete even at high strains and low strain rates. The TRC samples showed softening
via dynamic recrystallization, where an almost completely recrystallized structure
developed at both high (10 s−1) and low (0.01 s−1) strain rates.

• At higher temperatures (500 ◦C), DRX occurs in both conditions. The as-cast state
exhibits a high amount of network-like and lamellar LPSO phases, which are assumed
to be responsible for a delayed DRX. The main recrystallization mechanisms of the
as-cast condition are CDRX, PSN and TDRX. Kink-aided dynamic recrystallization
can hardly be detected. In the TRC initial state, the block-like LPSO phase is more
finely distributed and, above all, less strongly connected. Lamellar LPSO phases are
precipitated within the Mg matrix during cooling and different DRX mechanism take
place depending on deformation temperature. The fine distribution of the LPSO phase
and less network-like nature favor DRX by PSN. Besides this, TDRX and KDRX can
be observed.
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• Optimum deformation conditions are temperatures from 500 ◦C to 520 ◦C and strain
rates ranging from 0.01 s−1 to 0.1 s−1 for the as-cast material as well as a strain rate of
1 s−1 for the TRC material.
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Abstract: Al-Mg-Si based alloys are popular alloys used in the automotive industry. However, limited
studies have been performed to investigate the microstructure, deformation characteristics, and
deformation mechanism for the semi-solid 6063 alloys. In this study, the cold radial forging method
and semi-solid isothermal treatment (SSIT) are proposed in the semi-solid isothermal compression
(SSIC) process to fabricate high-quality semi-solid 6063 billets. The effects of deformation temperature,
strain rate, and strain on the microstructure, deformation characteristics, and deformation mechanism
of the SSIC of cold radial forged 6063 alloys were investigated experimentally. Constitutive equations
were established based on the measured data in experiments to predict the flow stress. Results
show that an average grain size in the range from 59.22 to 73.02 μm and an average shape factor
in the range from 071 to 078 can be obtained in the microstructure after the cold radial forged 6063
alloys were treated with SSIT process. Four stages (i.e., sharp increase, decrease, steady state, and
slow increase) were observed in the true stress- true strain curve. The correlation coefficient of
the constitutive equation was obtained as 0.9796 while the average relative error was 5.01%. The
deformation mechanism for SSIC of cold radial forged aluminum alloy 6063 mainly included four
modes: The liquid phase flow, grain slide or grain rotation along with the liquid film, slide among
solid grains, and the plastic deformation of solid grains.

Keywords: semi-solid isothermal compression; aluminum alloy; microstructure; deformation charac-
teristics; deformation mechanism; constitutive equations

1. Introduction

Al-Mg-Si based aluminium alloys are popular materials applied in various engineer-
ing applications due to their outstanding physical properties, which are usually used to
fabricate products via hot forging and machining processes. However, some drawbacks
are observed during the hot forging manufacturing process, which includes low efficiency,
high production cost, and low material usage coefficient [1–3]. The high-pressure die
casting process has also been applied for the fabrication of aluminium alloy components,
but the turbulent flow in this process causes the gas and shrinkage porosity [4], due to the
high filling rate [5].

These disadvantages including low efficiency, high production cost, and low material
usage coefficient, gas and shrinkage porosity, can be effectively eliminated by the semi-solid
metal forming (SSMF) process, which integrates the easy fluidity of liquid casting process
and the high mechanical properties of solid-state plastic forming and is considered one of
the most promising metal processing technologies in the 21st century [6–8]. In the SSMF
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process, the semi-solid billet, which has small- and near-spherical microstructures, is used
to fabricate high-quality components with a dense internal structure, accurate size, few
macro defects, and few micro defects [9].

In the SSMF process, the deformation characteristics and mechanism of the semi-solid
billets are vital for the prediction of the flow stress, based on the temperature, material
structure, and strain rate, through which the optimisation of the process parameters can be
achieved [10,11]. Therefore, a lot of research has been performed to study the deformation
characteristics and mechanisms in recent decades of various aluminium alloys [11–16].
Xu et al. [7] investigated the compression behaviour of the semi-solid AZ91D magnesium
alloy. The semi-solid billets were prepared by the strain-induced melt activation (SIMA)
process for the isothermal compression test by employing the repetitive upsetting-extrusion
(RUE) method. Three stages were observed in experiments in the compression process.
The predominant mechanism in each of these three stages was identified through the
microstructure analysis. Chen et al. [11] discussed the deformation characteristics of the
extruded 7075 aluminum alloy processed in the temperature range from 350 to 600 ◦C. It
was found that the constitutive characteristics in the studied temperature range up the
semi-solid temperature could be classified as plastic (350 to 490 ◦C) and thixotropic (above
490 ◦C) deformations. Binesh and Aghaie-Khafri [12] reported the mechanical properties
of the 7075 aluminum alloy processed by the semi-solid SIMA. The semi-solid billet was
prepared by applying the compression at ambient temperature and then at 600–620 ◦C
(semi-solid temperature) for 5–10 min. It was revealed that the sample processed by SIMA
at 600 ◦C for 10 min exhibited the largest values of both peak and steady-state stresses
during the compression test. Wang et al. [13] studied the deformation characteristic of
semi-solid ZCuSn10 copper alloy during the isothermal compression. The semi-solid
billet used in this work was fabricated by the SIMA method including the rolling and
remelting process. It was concluded that the resistance to deformation for the ZCuSn10
alloy under the semi-solid condition decreased with the increase in the process temperature.
These studies indicate that the deformation characteristics of semi-solid materials are of
importance for optimizing the semi-solid isothermal compression (SSIC) process.

The preparation of the semisolid billet is an indispensable step for the SSIC process.
The SIMA, as one of the most popularly studied process methods for the preparation of
the billet with fine and spheroidal solid particles, includes two stages namely the plastic
deformation and the semi-solid isothermal treatment (SSIT). In the SIMA process, plastic
deformation is the most critical stage as it significantly influences the grain size and grain
distribution uniformity in the microstructure of the semi-solid alloy. Therefore, different
deformation methods applied in the SIMA process, such as compression [12,17], rolling [13],
repetitive upsetting-extrusion [18], equal channel angular extrusion [19,20], has attracted
the attention of researchers in recent decades. Compared to the traditional deformation
methods used in the SIMA process, several benefits to the industrial application can be
obtained by adopting the cold radial forging technique in the SIMA process, such as large
semi-solid billet, high level of automation, and easy operation [21–23].

However, to the best knowledge of the authors, the aluminium alloy directly treated
by cold radial forging in the SSIC process has not been reported. Moreover, little research
has been performed on the microstructure, deformation characteristics, and deformation
mechanism for the semi-solid 6063 alloys. In this study, the cold radial forging method is
proposed in the SIMA process for the preparation of high-quality semi-solid 6063 billets
for the SSIC process. The effects of deformation temperature (i.e., isothermal temperature),
strain rate, and strain on the microstructure, deformation characteristics, and deformation
mechanism of the cold radial forged 6063 alloys were investigated experimentally. Further-
more, the constitutive equation of the semi-solid 6063 alloys was established based on the
experimental results to predict the flow stress based on the effective liquid phase fraction,
the deformation temperature, strain rate, and strain.

80



Materials 2021, 14, 194

2. Materials and Experimental Procedure

The chemical composition of 6063 aluminium alloy investigated in this study is sum-
marized in Table 1. The solidus and liquidus temperatures of this alloy were identified by
the heat flow-temperature curve, which was obtained by using an ‘STA 449F5’ differential
scanning calorimeter (DSC) (Netzsch, Selb, Germany). The samples with the dimension
of 6 mm × 6 mm × 5 mm were heated from room temperature to 750 ◦C at 10 ◦C/min
under a nitrogen atmosphere and analyzed by DSC. The results show that the solidus and
liquidus temperatures of this alloy are 615 ◦C, and 655 ◦C, respectively. The largest weight
proportion of the chemical composition is Mg, which accounts for 0.51% and is followed by
Si and Mn. Ti and Cr are less than 0.001%, and 0.005% in weight percentage, respectively.

Table 1. Chemical composition of the 6063 aluminium alloy (wt.%).

Mg Si Mn Zn Fe Cu Ti Cr Al

0.51 0.39 0.03 0.02 0.15 0.01 <0.001 <0.005 Bal.

The SSIC process of the cold radial forged 6063 aluminium alloy in this paper mainly
includes three stages as shown in Figure 1. Stage I: The barstock of 6063 alloys with a
diameter of 100 mm was deformed by the cold radial forging process until the reduction
in the area reached 64% (i.e., φ60 mm). The reduction in the area is calculated by the
ratio of (A0–A1) to A0, where A0 and A1 are the cross-sectional area of the initial alloy,
and the deformed alloy, respectively. Then, the action of sampling was finished from the
cold radial forged alloy along the direction of radial forging, which had the diameter and
height of 10 mm and 15 mm, respectively. Stage II: The SSIC process including SSIT and
the deformation of isothermal compression were carried out with the SSIC- equipment
which mainly included the top pressing head, bottom pressing head, insulation material,
resistance furnace, and thermocouples. During the SSIC process, the resistance furnace
was heated up to the setting deformation temperature, and then the cold radial forged
sample was placed between the top and bottom pressing head for SSIT. The semi-solid
samples can be obtained when the SSIT process had been executed for 10 min at different
isothermal temperatures. After that, these samples were compressed with the true strain
of 0.7 to obtain the compressed semi-solid sample by the top and bottom pressing head
at different deformation temperatures and different strain rates. For all the experiments,
the deformation temperature was selected the same as the isothermal temperature in SSIT.
Stage III: The compressed semi-solid sample was cooled rapidly by water quenching for
preserving the microstructures of the sample.

In this paper, there was a total of 12 semi-solid isothermal compression experiments
performed to examine the effects of the operating parameters on the microstructure, de-
formation characteristics, and the deformation mechanism of the cold radial forged 6063
aluminum alloy. The details of the experiments are summarized in Table 2. The operating
parameters studied in this paper contained the isothermal temperature, the strain rate, and
the strain in Stage II. The isothermal holding time in all experiments was set as 10 min. In
Experiments 1–3, the isothermal temperatures varied from 625 to 635 ◦C with no defor-
mation supplied. The strains in Experiments 4–12 were all set as 0.7. In Experiments 4–6,
the isothermal temperatures were all selected as 625 ◦C at the strain rate of 0.01, 0.1, and
1 s−1, respectively. Similarly, in Experiments 7–9 and Experiments 10–12, the isothermal
temperatures were the same in each group with the strain rate varying from 0.01 to 1 s−1.
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Figure 1. Schematic illustration of the SSIC process of the cold radial forged 6063 aluminium alloy.

Table 2. Experimental process parameters.

Experimental Number
Isothermal

Temperature (◦C)
Strain Rate (s−1) Strain

Isothermal Holding
Time (min)

1 625 0 0 10
2 630 0 0 10
3 635 0 0 10
4 625 0.01 0.7 10
5 625 0.1 0.7 10
6 625 1 0.7 10
7 630 0.01 0.7 10
8 630 0.1 0.7 10
9 630 1 0.7 10
10 635 0.01 0.7 10
11 635 0.1 0.7 10
12 635 1 0.7 10

During the semi-solid isothermal compression experiments, the true stress and true
strain are determined in-situ by the SSIC-equipment (Xi’an Jiaotong University, Xi’an,
China). Samples were taken along the axial direction, first ground through the sandpapers
with the grits of 200, 400, 600, 800, 1000, 1200, and 1500 in sequence and then polished
through the diamond paste with the particle size of 0.1 μm. Samples were etched in the
aqueous HF solution with a concentration of 5% for about 90 s at room temperature. Finally,
the observation of sample microstructure was carried out by optical microscope (NIKON
ECLIPSE LV 150N, Nikoon, Tokyo, Japan). The average grain size (D) of solid grains can be
calculated by Equation (1) while the shape factor (F) can be obtained by Equation (2) based
on the number, area, and perimeter of solid grains, which were measured and calculated
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by the Image-Pro Plus 6.0 software (Media Cybernetics, Rockville, MD, USA) [24–27]. The
effective liquid phase fraction in semi-solid samples fEL was calculated by Equation (3) [27],

D =
∑N

N=1
√

4A/π

N
(1)

F =
∑N

N=1 4πA/P2

N
(2)

fEL =
AL

AL + AS
(3)

where A, N, P are the area, number, perimeter of solid grains, respectively; AL and AS are
the area of the liquid phase, and the area of the solid phase, respectively.

3. Results and Discussion

3.1. Effects of SSIT on the Microstructure

The microstructures of the radially forged 6063 aluminum alloy without and with
SSIT are shown in Figure 2. It can be seen from Figure 2a that an obvious texture can
be observed in the microstructure. The grains were elongated along the radial forging
direction. Figure 2b–d show the semi-solid microstructures obtained after the radial forged
alloy processed by SSIT at the isothermal temperature of 625 ◦C, 630 ◦C, and 635 ◦C for
10 min, respectively. Under the isothermal temperature condition of 625 ◦C, the semi-solid
material of 6063 aluminum alloy was prepared with the fine, nearly spheroidized, uniform
solid grains, but the liquid film between the solid grains in the microstructure was relatively
thin, which can be seen in Figure 2b. Comparing Figure 2c,d, the solid grains gradually
grew and nearly spheroidized, and a thicker liquid film was observed separating these
solid grains as the isothermal temperature increased from 630 to 635 ◦C.

 

Figure 2. Microstructure of; (a) the cold radial forged 6063 aluminium alloy without SSIT, and semi-
solid 6063 aluminium alloy after SSIT with the isothermal temperatures of; (b) 625 ◦C, (c) 630 ◦C, and
(d) 635 ◦C.
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The characteristics of the microstructure can be obtained by the quantitative analysis
of samples processed at different isothermal temperatures, which includes the average
grain size, the shape factor of solid grains, and the effective liquid fraction. As shown in
Table 3, it was found that the average grain size, shape factor, and effective liquid fraction of
solid grains increased with the enlargement in the isothermal temperature. During the SSIT
process, the protruding edges and corners of solid grains will dissolve and subsequently
precipitate at the sunken regions due to the difference in curvatures of different parts of the
single solid grain [21]. Therefore, the shape factor further improves when the isothermal
temperature increases from 630 ◦C to 635 ◦C. The largest average grain size and the smallest
average shape factor were found as 73.02 μm and 0.71 μm, respectively. The maximum and
minimum effective liquid fractions were obtained as 11.10%, and 14.42%, respectively. This
means that the semi-solid material obtained from the radial forged 6063 aluminium alloy
applied in this study after the SSIT is qualified for the semi-solid forming as the semi-solid
materials with microstructure characteristics with the average grain size blow 100 μm and
a shape factor above 0.6 is suitable for the semi-solid forming [28,29].

Table 3. Microstructural characteristics of 6063 alloy microstructure processed by SSIT at different
isothermal temperatures.

Isothermal
Temperature (◦C)

Average Grain
Size (μm)

Average
Shape Factor

Effective
Iiquid Fraction

625 59.22 0.71 11.10%
630 64.11 0.75 13.29%
635 73.02 0.78 14.42%

3.2. True Stress-True Strain Curves and the Deformation Pattern

The true stress-true strain curves of the radial wrought aluminium alloy 6063 during
the semi-solid isothermal compression deformation procedure at different isothermal
temperatures (i.e., deformation temperatures) are shown in Figure 3. It was revealed that
at the same value of true strain, the true stress reduced when the deformation temperature
increased. This was because different solid-phase fractions were obtained at different
deformation temperatures. At the relatively low deformation temperature, the solid
fraction in the sample was high, and the solid grains in the microstructure contacted
each other to form a spatial framework structure. This framework structure hindered the
slip and rotation of the solid grains. Therefore, the deformation of the sample mainly
included the deformation of the spatial framework structure and the squeeze flow of the
liquid phase. However, when the deformation temperature increased, the solid phase
fraction in the sample decreased with the liquid phase continually surrounding the solid
grains, which provided the beneficial condition to the slip and rotation of the solid phase
grains. Therefore, the true stress required for the deformation was reduced. Moreover,
the true strain required for the stabilization of the true stress was relatively low at a high
deformation temperature and a certain strain rate. This was because there were more solid
grain agglomerates in the sample when the deformation temperature was relatively low,
which required a great amount of deformation to disaggregate these agglomerates. On the
contrary, when the deformation temperature was relatively high, fewer agglomerates of
the larger solid grains were generated in the sample, which was helpful for the completion
of the disaggregation without the disaggregation process of the agglomerates or with only
a small amount of deformation to achieve the stabilization of the true stress [30].

It can be concluded from Figure 3a–c that as the true strain increased, the true stress
first increased rapidly, then decreased and stabilized, and finally increased slowly. This
means that four stages can be observed in the variation of true stress when the true strain
increases as shown in Figure 4, which are sharp increase (Stage I), decrease (Stage II), steady
state (Stage III), and slow increase (Stage IV).
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Figure 3. Ture stress-true strain curves of the cold radial forged 6063 aluminium alloy processed by the semi-solid isothermal
compression at different temperatures with strain rates of (a) 0.01 s−1, (b) 0.1 s−1, and (c) 1 s−1.

 
Figure 4. The deformation pattern of the cold radial forged 6063 aluminium alloy processed by SSIC.

Stage I: Sharp increase. Semi-solid materials can be regarded as the material with solid
grains suspended in the liquid phase, where the solid phase grains or solid-phase grain
aggregates contact locally to form a spatial framework structure when the solid phase ratio
is large [7,10,30]. At the beginning of the SSIC, the central isostatic stress of the cylindrical
compression sample is large, which will force the liquid phase to be squeezed and flowed
from the central area to the peripheral area. However, the spatial framework structure,
formed by the solid grains, would not be destroyed owing to the small deformation degree,
and the deformation of the sample can be recovered if the load is removed. Therefore, the
elastic deformation of the spatial framework structure takes place in the sample, namely,
the true stress is increased when the true train increased.

Stage II: Decrease. As the SSIC continues, when the space framework structure
reaches a certain degree of deformation, its deformation cannot be restored even if the load
is removed. In other words, plastic deformation is achieved in the sample. At this stage,
the spatial framework structure begins to be destroyed and is gradually and completely

85



Materials 2021, 14, 194

surrounded by the liquid phase when the deformation degree increased. The slip and
partial rotation of the solid grains then occur at this time. The slip among the solid grains
is realized by the shearing force, which promotes the occurrence of holes at the boundary
of the grains. These holes would expand rapidly along with the liquid phase, resulting in
the damage of samples. This sample damage causes the flow stress to drop rapidly, that is,
the true stress drops.

Furthermore, the plastic deformation will also promote the disaggregation of larger
solid grain agglomerates, so that the liquid phase wrapped by the agglomerates is released,
thereby increasing the liquid content inside the sample. This is helpful for the slippage and
rotation of the solid grains, thereby contributing to the reduction of true stress.

Stage III: Steady state. At this stage, the spatial framework structure formed by
the solid grains is basically destroyed. The solid particles in the semi-solid material are
surrounded by the liquid phase and undergo plastic flow. The deformation resistance is
mainly attributed to the slippage and rotation among the solid grains as well as the liquid
phase flow. Therefore, the deformation resistance remains basically unchanged, that is, the
true stress is at a steady state as the displacement increases.

Stage IV: Slow increase. The main reason for the increase in true stress at this stage is
that the true strain is too large, which causes the semi-solid material to roll over during
the SSIC process, gradually increasing the contact surface between the pressing head and
the sample. This in turn increases the friction between the pressing head and the sample.
Furthermore, during the SSIC process of the sample, as the true strain increases, most of the
liquid is separated from the solid phases inside the sample and squeezed to the edge of the
sample, resulting in an increase in the local solid fraction of the sample. This consequently
causes the solid grains to be squeezed and bonded together and therefore generates the
plastic deformation [12]. The pressure required to deform the solid grains is greater than
the liquid phase flow, thus, it causes the augmentation in the true stress, that is, the true
stress gradually enlarges when the true strain is elevated.

The effects of the deformation temperature on the peak stress and steady-state stress
are shown in Figure 5. It can be seen that both the peak and steady-state stresses of the
aluminum alloy 6063 semi-solid material significantly reduced when the deformation
temperature increased at a certain strain rate. This phenomenon indicated that the SSIC
of aluminium alloy 6063 was sensitive to the temperature, which is also found by refer-
ence [31]. This was because, in the initial stage of SSIC, the liquid fraction in the sample
augmented with the increase in the deformation temperature, which increased the thick-
ness of the liquid phase film between the solid grains and reduced the apparent viscosity.
This resulted in reduction decrease in the connection strength between the solid grain
aggregates. The spatial framework structure can be more easily destroyed, so the peak
stress decreased. When it entered the steady state stage, more liquid phase helped the
slippage and rotation among the solid grains easier to occur due to the high deformation
temperature, leading to a reduction in the steady-state stress. Moreover, the aluminium
alloy 6063 semi-solid material was more sensitive to the deformation temperature at the
initial stage of SSIC. This was mainly because the peak stress reduced significantly with
the elevation in the deformation temperature under different conditions of strain rate. But
when the semi-solid 6063 alloys entered the steady-state flow, the steady-state stress tended
to stabilize with the enlargement in the deformation temperature when the strain rate
increased, which means that the steady-state stress was less sensitive to the deformation
temperature under this condition.

The effects of the strain rate on the peak and steady-state stresses of the semi-solid
isothermal compression curve of aluminum alloy 6063 are presented in Figure 6. It was
found that the peak stress of the semi-solid material increased significantly with the increase
in the strain rate at a certain deformation temperature. Nevertheless, a reduction tendency
was observed in the steady-state stress with the increase in the strain rate. The explanation
for this phenomenon is as follows.
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(a) At the beginning of the SSIC deformation process, the deformation speed of the
sample was small because the strain rate was low, which provided enough time for
the liquid phase to participate in repairing the liquid phase film among the deformed
solid grains. The deformation of the spatial framework structure of the sample can
take place with the slippage and rotation among the solid grains, resulting in a small
deformation resistance and small peak stress. On the contrary, the liquid phase did
not have enough time to repair the liquid film among the deformed solid grains when
the strain rate was high, which caused the difficulty of solid grains to slip and rotate.
The solid grains squeezed with each other in this early stage, which hindered the
deformation of the sample, thereby, increasing the peak stress.

(b) The spatial framework structure of the sample was gradually and completely de-
stroyed with the increase in the semi-solid isothermal compression deformation
displacement, which formed solid grains or solid grain agglomerates wrapped by
the liquid phase. This influence of the liquid phase on the solid grains or solid grain
agglomerates contributed to the occurrence of compression deformation, so the true
stress gradually decreased and stabilized. When the strain rate was low, the move-
ment speed of the liquid phase film among the solid grains was small, resulting in the
weak shearing effect among the solid grains. Consequently, it was difficult to achieve
the disaggregation and destruction of solid grain aggregates. Therefore, higher steady-
state stress was required to promote the coordinated deformation between the solid
grain agglomerates after entering the steady state flow. On the contrary, when the
strain rate was high, the strong shearing effect between the solid grains can promote
the disaggregation and destruction of some solid grain aggregates, so that the liquid
phase wrapped by the aggregates was released. The liquid content inside the sample,
thereby, increased, which was beneficial for the slippage and rotation of the solid
grains, so the steady-state stress was observed relatively low.

  

Figure 5. Influence of the deformation temperature in SSIC on the (a) peak stress, and (b) steady-state stress.

  

Figure 6. Influence of the strain rate in SSIC on the (a) peak stress; and (b) steady-state stress.
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3.3. Constitutive Equations

The constitutive model expresses the material’s dynamic response to the deformation
amount, deformation temperature, and the strain rate during the plastic processing, which
is crucial for the numerical simulation of the plastic deformation process using the finite
element method and can be illustrated by Equation (4) [32],

σ = f
(
ε,

.
ε, T
)

(4)

where, σ is the flow stress, MPa; ε is the strain of the material;
.
ε is the strain rate, s−1.

Semi-solid forming is carried out in the semi-solid temperature range of the metal,
where both liquid and solid phases exist. Therefore its deformation behaviour is different
from the solid state and the effect of the liquid fraction on the flow stress needs to be consid-
ered in the constitutive model [11]. Introducing the liquid phase fraction into Equation (4)
to characterize the influence of it, the constitutive model of semi-solid thixotropy of the
metal can be expressed as Equation (5),

σ = f
(
ε,

.
ε, T, fL

)
(5)

where fL is the liquid phase fraction, %.
In the high-temperature hot forming process of the metal, the relationship between its

flow stress and the operating parameters including the deformation temperature, strain,
and strain rate can be expressed by the Arrhenius equation. The Arrhenius equation can
characterize the sensitivity of flow stress to strain rate and deformation temperature as
well as having the advantages of concision and a high degree of agreement with actual
deformation. Its expressions are shown in Equations (6)–(8) [32–34]. In general, the
exponential law expressed in Equation (6) is suitable for the stresses low-level values
while the exponential law expressed by Equation (7) is applicable for stresses at high-level
values. The hyperbolic sine law shown in Equation (8) can be applied to the entire stress
range [35–37],

.
ε = A1σn1 exp

(
− Q

RT

)
(ασ < 0.8) (6)

.
ε = A2 exp(βσ) exp

(
− Q

RT

)
(ασ > 1.2) (7)

.
ε = A[sin h(ασ)]n exp

(
− Q

RT

)
(all σ) (8)

where Q is the deformation activation energy, J/mol; R is the molar gas constant; T is the
deformation temperature, K; n and n1 are the stress exponent; A, A1, and A2 are factors of
the material structure; α and β are stress level parameters, α = β/n1.

The magnitude of the peak stress is related to the selection of processing equipment
and moulds in the semi-solid forming process. In this study, the peak stress is taken as the
research object, the liquid phase correction term is introduced into the Arrhenius equation
to modify Equation (8). Consequently, the Arrhenius equation adapted to the semi-solid
temperature zone can be obtained as Equation (9),

(1 − 1.5 fL)
L .
ε = A[sin h(ασ)]n exp

(
− Q

RT

)
(9)

where L is the liquid phase factor; (1 − 1.5 fL)
L shows that the tendency of the increase in the

flow stress due to the enlargement in the strain rate when the liquid phase fraction increases.
In order to obtain the value of α, take the logarithm of Equations (6) and (7) to convert

into the linear Equations (10), and (11), respectively:

ln
.
ε = n1 ln σ + ln A1 − Q

RT
(ασ < 0.8) (10)
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ln
.
ε = βσ + ln A2 − Q

RT
(ασ > 1.2). (11)

Introducing the peak stress and the corresponding strain rate at different deformation
temperatures into Equations (10) and (11), the relationship between the strain rate and the
peak stress at different deformation temperatures can be obtained, as shown in Figure 7.
By linearly fitting the relationship between ln

.
ε and ln σ as well as that between ln

.
ε and

σ at each deformation temperature shown in Figure 7, the slope of each straight line can
be obtained. After calculating the mean value of slopes, it can be obtained that n1 = 7.61
while β = 1.32, and consequently α = β

n1
= 0.1735.

  

Figure 7. Relationship between the natural logarithm of the strain rate, and (a) the natural logarithm
of the peak stress, and (b) the peak stress.

In order to calculate n, Equation (12) can be obtained by taking the logarithm of both
sides of Equation (9):

ln
.
ε = n ln[sin h(ασ)] + ln A − Q

RT
− L ln(1 − 1.5 fL). (12)

Importing the peak stress and the corresponding strain rate at different deformation
temperatures into Equation (12), the relationship between ln

.
ε and ln[sin h(ασ)] was ob-

tained and illustrated in Figure 8. The straight lines of the relationship and their slopes can
be obtained through the linear fitting method. By calculating the mean value of slopes, it
was obtained that n = 5.5609.

 

Figure 8. Relationship between ln
.
ε and ln[sin h(ασ)].
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Based on the results in Section 3.1 as presented in Table 2, the effective liquid fractions
at the deformation temperatures of 625 ◦C, 630 ◦C, and 635 ◦C were 11.10%, 13.29%, and
14.42%, respectively. Transforming Equation (12), Equation (13) can be obtained as follows:

n ln[sin h(ασ)]− ln
.
ε = − ln A +

Q
RT

+ L ln(1 − 1.5 fL). (13)

Therefore, one Equation (13) can be obtained at a certain deformation temperature
and a certain strain rate. Correspondingly, 9 equations can be obtained for 3 deformation
temperatures and 3 strain rates, where only three parameters A, L, and Q are unknown.
The least-squares solution was used to solve the overdetermined equation in this study.
These 9 equations can then be written as the following matrix illustrated by Equation (14),

DX =
[

1 1000/T ln(1 − 1.5 fL)
]
X = Y (14)

where X, Y, D are the 3*1, 9*1, and 9*3 matrixes, respectively. In the matrix X, its elements
are X1 = − ln A, X2 = Q

1000R , and X3 = L. In the matrix Y, Yi = n ln[sin h(ασ)] − ln
.
ε,

where i = 1, 2, · · · 9.
To calculate the values of parameters A, L, and Q, Equation (14) is multiplied by DT at both

sides. Equations (15) and (16) can be obtained by performing the equivalent transformations:

DTDX = DTY (15)

X =
(

DTD
)−1

DTY. (16)

Introducing the corresponding parameters into Equation (13), matrixes D, X, and Y
can be obtained as follows.

D =

⎡
⎢⎢⎢⎢⎢⎢⎢⎢⎢⎢⎢⎢⎢⎣

1 1.6 −0.1821
1 1.6 −0.1821
1 1.6 −0.1821
1 1.5873 −0.2223
1 1.5873 −0.2223
1 1.5873 −0.2223
1 1.5748 −0.2437
1 1.5748 −0.2437
1 1.5748 −0.2437

⎤
⎥⎥⎥⎥⎥⎥⎥⎥⎥⎥⎥⎥⎥⎦

, X =

⎡
⎣ X1

X2
X3

⎤
⎦, Y =

⎡
⎢⎢⎢⎢⎢⎢⎢⎢⎢⎢⎢⎢⎢⎣

6.3522
5.4162
5.5404
2.1848
2.4127
3.1344
0.5525
−0.2494
0.4351

⎤
⎥⎥⎥⎥⎥⎥⎥⎥⎥⎥⎥⎥⎥⎦

Introducing the above matrixes into Equation (16), the matrix X can be obtained by
performing transposition and inverse matrix operations using Matlab software, which is

X =

⎡
⎣ 60.7210

−16.5502
116.0644

⎤
⎦. Consequently, the values of parameters were obtained as A = 2.9602 × 1070,

Q = 895.641 kJ/mol, L = 44.6267. Importing the results of parameters into Equation (9),
the peak stress equation of the aluminum alloy in the semi-solid region can be obtained as
shown by Equation (17):

(1 − 1.5 fL)
44.6267 .

ε = 2.9602 × 1070[sin h(0.1735σ)]5.5609 exp
(
−895641.8

RT

)
(17)

It is worth noting that the applicable range of (1 − 1.5 fL)
44.6267 in Equation (17) is

(1 − 1.5 fL) > 0, that is fL < 66.67%. This means that Equation (17) is applicable to the
semi-solid thixotropic extrusion process when the liquid fraction is less than 66.67%.

The correlation coefficient R and the average absolute relative error (AARE) were used
in the study to indicate the accuracy performance of the established peak stress equation
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of the aluminium alloy in the semi-solid region, which are expressed by Equations (18),
and (19), respectively,

Rc =
∑N

i=1(αe − αe)
(
αp − αp

)√
∑N

i=1(αe − αe)
2·∑N

i=1
(
αp − αp

)2
(18)

AARE(%) =
1
N

N

∑
i=1

∣∣∣∣αe − αp

αe

∣∣∣∣× 100% (19)

where αe is the test value of the peak stress, MPa; αe is the average value of the tested peak
stress, MPa; αp is the predicted value of peak stress, MPa; αp is the average value of the
predicted peak stress, MPa; N is the statistical number of data points.

As shown in Figure 9, the correlation coefficient between the predicted value of the
peak stress and the experimentally tested value was found as 0.9796. The average relative
error was obtained as 5.01% based on Equation (19), reflecting a high accuracy. This
means that the constitutive equation can accurately express the change in the peak stress of
aluminium alloy 6063 in the semi-solid region, which can be used for selecting the forming
equipment of the semi-solid metal forming process.

 

Figure 9. Relationship between the experimental and calculated peak stress of the cold radial forged
6063 aluminum alloy processed by SSIC.

3.4. Deformation Mechanism
3.4.1. Macroscopic Results and Analysis

The macroscopic photo of the radially forged aluminium alloy 6063 semi-solid isother-
mal compression samples is shown in Figure 10. Figure 10a presents the macroscopic photo
of the samples processed at the strain rate of 0.1 s−1 with different deformation temper-
atures. It was found that the compressed sample gradually broke with the elevation in
the deformation temperature. The higher the deformation temperature, the more obvious
the degree of crushing of the compressed sample. This was because, at the beginning
of the semi-solid isothermal compression deformation, the liquid phase already existed
in the aluminium alloy 6063 semi-solid material, the fraction of which elevated with the
enlargement in the deformation temperature. The liquid phase in the compressed sample
was squeezed and flew to the sidewall of the sample at the central region and caused
the sidewall to rupture during the SSIC deformation process. This liquid phase in the
compressed sample continued to flow along the rupture of the sidewall in the final stage
of the SSIC deformation, resulting in the fragmentation of the entire compressed sample.
Nevertheless, the phenomenon aforementioned did not occur in the actual SSMF process.
This was mainly because the mould cavity in the actual SSMF process was closed, which
consequently avoided the outflow of the liquid phase [38,39].
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Figure 10. Macroscopic photo of samples after the SSIC at different, (a) deformation temperatures,
and (b) strain rates.

The macroscopic photo of the samples processed at the deformation temperature of
630 ◦C under different strain rates is shown in Figure 10b. It was found that the macroscopic
photo of the compressed sample changed significantly when the strain rate increased. The
integrity of the compressed sample was relatively high at a relatively small strain rate,
while the compressed sample was broken as the strain rate increased. This was because
the flow of the liquid phase inside the semi-solid material became more intense with the
elevation in the strain rate, so the degree of crushing increased.

According to the principle of pressure processing [13,32], the amount of deformation
inside the sample is uneven in the process of material compression and deformation. The
deformation area can be divided into hard deformation region, huge deformation region,
and free deformation region, as shown in Figure 11a. The macroscopic photo of the section
view along the longitudinal direction of the sample processed by the SSIC deformation is
presented in Figure 11b, where the strain rate was 0.1 s−1, the deformation temperature
was set as 630 ◦C, and the strain was 0.7. It was found that similar to the compression
deformation of solid metal, the semi-solid isothermal compression deformation sample
also exhibited three different deformation regions, which are the hard deformation area
near the end (Region A), the huge deformation area in the centre (Region B), and the free
deformation region (Region C) in the convex region.

  

Figure 11. Deformation characteristics of the compressed samples: (a) Deformation region division, and (b) the longitudinal
macroscopic photo of samples after the semi-solid isothermal compression (deformation temperature: 630 ◦C, strain rate:
0.1 s−1).

3.4.2. Microstructure and Deformation Mechanism Analysis

The microstructures from different positions of the semi-solid compressed sample
are shown in Figure 12. Comparing Figure 12b–f, the liquid fraction in the structure
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tends to increase from the hard deformation region (Region A) to the huge deformation
region (Region B), then to the free deformation region (Region C). A large increase in the
liquid fraction was found in the free deformation region (Region C), compared to the huge
deformation region (Region B). The most serious liquid segregates were observed in the
free deformation region (Region C). This was because the liquid phase in the microstructure
at Position 1 as shown in Figure 12a was squeezed out from the space among solid grains
and in turn, flew to Positions 2 and 3 forced by the compression of the deformation as the
amount of compression deformation continued to increase. Furthermore, under the action
of the deformation force, the liquid phase at the centre of the sample (Positions 2 and 3)
gradually flew to the edge position (Position 4 or 5), resulting in the uneven distribution of
solid and liquid phases in each deformation region in the compressed sample.

 

Figure 12. Microstructures of the cold radial forged 6063 alloy processed by SSIC (deformation
temperature: 630 ◦C, strain rate: 0.1 s−1): (a) Sample positions, (b) Position 1 in Region A, (c) Position
2 in Region B, (d) Position 3 in Region B, (e)Position 4 in Region C, and (f) Position 5 in Region C.

The liquid phase of the semi-solid material was mainly distributed at the boundary
of the solid grains, which has the effect of isolating solid grains. When the compression
force was applied to the semi-solid material, the separated flow of liquid and solid phases
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would take place. Generally, the liquid content has a tendency to move before the solid
grains. The reduction of the liquid phase would cause the subsequent flow of solid grains
to contact with each other. If the deformation continues, severe plastic deformation would
take place in the solid grains. Furthermore, the flow of the liquid phase would also cause
the liquid phase segregation. The deformation was restricted in the deformation region.
Therefore, the microstructure basically remained the original semi-solid microstructure
without obvious segregation, as shown in Figure 12b. However, the liquid fraction was
observed slightly reduced and the bonding phenomenon was found among part of the
solid grains. This means that in the process of compression deformation, the mixed flow
of solid grains and the liquid phase was the main phenomenon (i.e., the grain sliding or
the grain rotation along with the liquid phase) in the hard deformation region. Partial
liquid phase flow also occurred in Region A under the squeeze action of the deformation
force. The deformation amount in Region B was observed relatively large, as shown in
Figure 12c,d. In Region B, the solid grains appeared to be squashed with liquid phase
segregation observed in some regions. Therefore, the liquid flow is the major phenomenon
in the huge deformation region (i.e., Region B) at the beginning of SSIC. This liquid content
was squeezed out with the increase in the compression deformation. The solid grains
contacted each other and were squeezed by the deformation force, resulting in the plastic
deformation of the solid grains. Meanwhile, a certain degree of slip and rotation appeared
among the solid grains.

The nearly spherical phenomenon was observed in solid grains in the free deformation
region (see Positions 4 and 5), but a more serious liquid phase segregation was also found
as shown in Figure 12e,f. This was mainly because the liquid phase from the hard and huge
deformation regions flew into the free deformation region, resulting in the macroscopic
transfer of the liquid. Therefore, the closer to the free-deformation region, the more liquid
phase there was, the more serious the liquid phase segregation. Moreover, the thorough
partial solid-liquid separation was also observed in the free deformation region because
of the movement of the liquid phase, where pores would be generated if the surrounding
liquid or solid phase cannot be replenished in time. Therefore, liquid flow and the sliding
or rotation of solid grains along the liquid phase are the deformation modes in the free
deformation region.

Based on the analysis mentioned above, the deformation mechanism of the radially
forged aluminium alloy 6063 material during the SSIC mainly included the grain slide or
grain rotation along with the liquid film, the sliding among solid grains, and the plastic
deformation of solid grains. Moreover, according to the analysis of the microstructure
in different deformation regions, during the SSIC, different degrees of liquid phase flow
occurred in all these three deformation regions. Considering this liquid phase flow, there
were four deformation mechanisms in SSIC, which is presented in Figure 13, where the
large blue arrow shows the compression direction during the SSIC deformation process,
the little red arrow indicates the direction of grain movement, while the square and the
rectangle indicates the deformation area before, and after, the deformation, respectively.

As presented in Figure 13a, the highest liquid phase fraction can be obtained in the
liquid phase flow mechanism. The thick liquid film wraps the solid-phase grains and
no contact existed among the solid grains. Consequently, the flow channel for the liquid
phase is unobstructed. The liquid phase flows perpendicular to the compression direction
while the solid grains mostly flow parallel to the compression direction when compression
deformation is performed. The liquid phase segregation would then take place after
the deformation. As illustrated in Figure 13b, the liquid fraction reduces and the nearly
spherical solid particles are enfolded by a relatively thin liquid film in the mechanism of
grain slide or grain rotation along with the liquid film. When the compression deformation
is carried out, solid grains flow both perpendicular and parallel to the direction of the
compression force. This means that the solid grains slide or rotate along with the liquid
film, forming a mixed flow of solid grains and liquid phase.
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Figure 13. Schematic diagram of deformation mechanisms: (a) Liquid phase flow, (b) solid grains
slip or rotate along the liquid film, (c) slipping among solid grains, and (d) plastic deformation of
solid grains.

It can be found in Figure 13c that, in the sliding mechanism, the liquid phase fraction
further decreased while the thickness of the liquid film among the solid grains continued
to reduce. Solid grain clusters were formed as some solid grains contact each other, which
blocks the flow channel for the liquid phase. Under the compression deformation, the
solid grains inside the solid grain cluster would slide relative to the adjacent solid grains
due to the shear force [7,12,40,41]. As presented in Figure 13d, a low phase fraction of the
liquid phase is observed in the mechanism of the plastic deformation of solid grains while
little liquid film among the solid grains can also be observed. In this mechanism, most of
the solid grains contact each other, forming the solid grain clusters. The sliding among
the solid grains is not intense enough to generate a large plastic deformation during the
compression deformation process. Therefore, the plastic deformation would take place on
the solid grains to achieve a large SSIC deformation of the metal material.

In summary, the phase fraction of liquid determines the deformation mode of the
semi-solid material during the isothermal compression deformation process. When the
phase fraction of liquid is large, the content of the liquid phase in the microstructure is high
and thus, solid grains would not completely contact each other. The flow channel of the
liquid phase is therefore unobstructed. The deformation mode mainly contains the liquid
phase flow and the sliding or rotation of the solid grain along with the liquid film. When
the phase fraction of liquid is small, the content of the liquid phase in the microstructure
reduces, resulting in the local contact of solid grains. The flow channel of the liquid phase
is then hindered. The deformation mode then mainly includes the sliding among solid
grains and the plastic deformation of solid grains. Furthermore, the order of the main
deformation mechanism with the decrease in the liquid phase fraction is from the liquid
phase flow to the grain slide or grain rotation along with the liquid film, then to the sliding
among the solid grains, and finally to the plastic deformation of solid particles. In terms of
a specific compressed sample, the grain slide or grain rotation along the liquid phase is the
main deformation mode in the hard deformation region (Region A); the plastic deformation
of solid grains is the main deformation mode in the huge deformation region (Region B),
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while a certain degree of sliding among the solid grains also appears in this region; the
liquid phase flow and the grain slide or grain rotation along the liquid film are the main
deformation modes in the free deformation region (Region C).

4. Conclusions

In this work, SSIC is proposed to investigate the microstructure, deformation char-
acteristics, and deformation mechanism of semi-solid alloy, where the cold radial forging
is introduced in the SIMA process to prepare the high-quality semi-solid billet. The main
conclusions drawn from this study are shown as follows.

(1) The average grain size, shape factor, and effective liquid phase fraction increase
with the enhancement in the deformation temperature. The high-quality semi-solid alloy,
which has the average grain size in the range of 59.22–73.02 μm while the average shape
factor in the range of 0.71–0.78, can be obtained when the cold radial forged 6063 aluminum
alloy is treated by SSIT process at the deformation temperature in the range of 625–635 ◦C.

(2) The true stress-true strain curve of the cold radial forged 6063 aluminium alloy SSIC
mainly includes four deformation stages: sharp increase stage, decrease stage, steady state
stage, and slow increase stage. The true stress decreases when the deformation temperature
increases at a certain strain rate, which means that both the peak and steady-state stresses
decrease with the enlargement in the deformation temperature. The peak stress elevates
while the steady-state stress decreases with the enlargement in the strain rate at a certain
deformation temperature.

(3) Introducing the liquid phase correction term S = (1 − 1.5 fL)
L into the Arrhenius

equation, the peak stress constitutive equation of the semi-solid region of aluminium
alloy 6063 in the semi-solid deformation temperature range is calculated and established
as (1 − 1.5 fL)

44.6267 .
ε = 2.9602 × 1070[sin h(0.1735σ)]5.5609 exp

(
− 895641.8

RT

)
. The correlation

coefficient between the predicted value of the peak stress by the constitutive equation and
the experimental result is 0.9796 while the average relative error is 5.01%, which means
that the constitutive equation established in this study can accurately express the change
in the peak stress of aluminium alloy 6063 in the semi-solid temperature region with the
variation of the effective liquid phase fraction, deformation temperature, strain rate, and
the strain.

(4) The deformation mechanisms of cold radial forged aluminium alloy 6063 during
SSIC mainly include four modes: liquid phase flow, grain slide or grain rotation along
with the liquid film, sliding among solid grains, and the plastic deformation of solid grains.
For a specific sample, the grain slide or grain rotation along the liquid film is the main
deformation mode in the hard deformation region. In the huge deformation region, the
plastic deformation of solid grains is the main deformation mode while a certain degree of
sliding among solid grains also exists. The liquid phase flow and the grain slide or grain
rotation along the liquid film are the main deformation mode in the free deformation region.
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kzygula@agh.edu.pl (K.Z.); mwojtasz@metal.agh.edu.pl (M.W.)
* Correspondence: lypchans@agh.edu.pl; Tel.: +48-12-617-29-16

Abstract: The flow behavior of metastable β titanium alloy was investigated basing on isothermal
hot compression tests performed on Gleeble 3800 thermomechanical simulator at near and above β

transus temperatures. The flow stress curves were obtained for deformation temperature range of
800–1100 ◦C and strain rate range of 0.01–100 s−1. The strain compensated constitutive model was
developed using the Arrhenius-type equation. The high correlation coefficient (R) as well as low
average absolute relative error (AARE) between the experimental and the calculated data confirmed
a high accuracy of the developed model. The dynamic material modeling in combination with the
Prasad stability criterion made it possible to generate processing maps for the investigated processing
temperature, strain and strain rate ranges. The high material flow stability under investigated
deformation conditions was revealed. The microstructural analysis provided additional information
regarding the flow behavior and predominant deformation mechanism. It was found that dynamic
recovery (DRV) was the main mechanism operating during the deformation of the investigated β

titanium alloy.

Keywords: β titanium alloy; constitutive model; flow behavior; processing maps

1. Introduction

In recent years, the use of metastable β titanium alloys has grown steadily due to their
ability to process at lower temperatures, good corrosion resistance, higher fatigue strengths,
as well as the possibility of increasing the level of yield strength by hardening. Because
of such a set of properties, this type of alloy is widely used in the aerospace industry [1].
Among the β alloys, the high strength Ti-10V-2Fe-3Al (Ti-1023) alloy should be noted due to
its high combination of mechanical properties and good workability, which has influenced
its widespread use in aircraft landing gear components [1,2].

Two of the most expedient methods of hot plastic deformation for ensuring the
necessary mechanical properties of critical parts made of titanium alloys are hot die forging
and isothermal forging. In addition, in recent years, methods based on powder metallurgy
have become widespread for obtaining finished products from titanium alloys [3,4]. The
main parameters of plastic deformation, determining the changes in the microstructure
and deformation behavior of titanium alloys during processing, are temperature, strain,
and strain rate. In addition, significant influence of the initial microstructure on the flow
behavior during hot forming of the Ti-1023 alloy was noted [2,5,6]. The initial morphology
of the globular α phase has a less effect on the increase in flow stress during isothermal
forging below β transus temperature, as compared to α lamellae with a high aspect ratio.
The increased sensitivity of the microstructure of the Ti-1023 alloy in near β transus (about
800 ◦C) temperature [2] should also be noted.

Thermomechanical processing parameters have a significant impact on the changes
occurring in the microstructure during deformation of the materials that show susceptibility
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to dynamic recrystallization (DRX) or dynamic recovery (DRV). The identification of these
changes in the microstructure has been the aim of many studies in the field of constitutive
and dynamic material modeling for describing the hot deformation behavior of both
metallic materials and in particular β titanium alloys [7–15]. Xiao et al. [7] investigated the
hot deformation flow behavior of a Ti-55511 alloy during hot compression using dislocation
density-based constitutive model as well as processing maps. Moreover, Lin et al. [11]
showed a comparative analysis of artificial neural network, Hensel-Spittel, and strain-
compensated Arrhenius-type models to describe the flow behavior of Ti-55511 titanium
alloy. Fan et al. [9] and Wu et al. [12] described the deformation mechanisms of Ti-7Mo-3Nb-
3Cr-3Al and Ti-4Al-1Sn-2Zr-5Mo-8V-2.5Cr alloys, respectively, based on processing maps
and constitutive equations. Zhao et al. [13] and OuYang et al. [14] analyzed the deformation
mechanisms of Ti-1023 alloy during hot compression at supertransus temperatures using
activation energy and DRX kinetics model, respectively. The hot flow behavior of Ti-1023
alloy has also been analyzed by the artificial neural network model, the constitutive model
using regression method, and the physically-based constitutive model [15,16]. Besides, one
of the hot deformation optimization approaches for Ti-1023 alloy was the use of processing
maps based on dynamic materials modeling (DMM) [17,18]. Superimposing hot processing
maps over flow stress maps as well as overactivation of energy values to evaluate the hot
workability of the investigated materials is quite often applied [19,20].

The models based on Arrhenius-type constitutive equation are the most widely used
phenomenological constitutive models that have been successfully used for descriptions of
the flow behavior during hot deformation of alloys and metals [8,11,21–25]. The constitutive
equation describing the flow behavior of Ti-1023 alloy obtained by the blended elemental
powder metallurgy technique was elaborated and presented in [26]. The highest accuracy
of the Arrhenius-type equation in the form of a hyperbolic sine law was confirmed in this
respect. However, it should be noted that this equation does not take into account the
influence of the strain level on the flow behavior of the material, which is an important
factor for designing the technological parameters of hot working. It is worth emphasizing
that most of the research works were focused on the hot deformation behavior of Ti-1023
below or near β transus temperature ranges. On the other hand, the flow behavior of
this alloy in β region is not fully understood, which makes this issue worthy of deeper
analysis. It is known that deformation above β transus temperature leads to DRX and prior
refinement of β grains, and therefore finer lamella microstructure increasing the ductility
as well as strength of this alloy [14,27].

For a deeper understanding of the high-temperature workability of Ti-1023 alloy, the
results of flow behavior at near and above β transus temperature range are presented
in this paper. Based on hot compression tests, the strain compensated Arrhenius-type
model and processing maps were developed and discussed with regard to changes in the
microstructure of the Ti-1023 alloy.

2. Materials and Methods

The chemical composition of the investigated titanium alloy was Ti-9.76V-1.84Fe-
3.37Al (wt.%). The size of cylindrical specimens for hot compression tests was 10 mm
in diameter and 12 mm in height. The specimens were machined from cast alloy rod
(φ76 mm) and deformed in compression on the Gleeble 3800 thermomechanical simulator
(Dynamic Systems, Inc., Poestenkill, NY, USA) to a total true strain of 1. The specimens
were cut along the rod axis at a distance of approx. 2/3 of the radius from the center of
the rod cross-section. The isothermal tests were performed under an argon atmosphere
at the temperature varying from 800 ◦C to 1100 ◦C, and at strain rates of 0.01 s−1, 0.1 s−1,
1 s−1, 10 s−1, and 100 s−1. A graphite foil was used as a lubricant in order to minimize
the friction effect between the specimen and anvils. The samples were homogenized in
10 s prior to deformation and the resistance heating rate of 2.5 ◦C/s was applied. After
compression, the samples were cooled in air and machined along the axial direction for
microstructure observation.

100



Materials 2021, 14, 2021

The microstructure of Ti-1023 alloy in the as-received condition (Figure 1) consists
of original β grains, intragranular lamellar α colonies with high volume fraction and
continuous α layers on the β grains boundaries.

 

Figure 1. Starting microstructure of Ti-1023 alloy.

3. Results and Discussion

3.1. Flow Behaviour

It is well known that the influence of friction as well as adiabatic heating on flow
stresses during compression tests leads to deviations in flow stress and difficulties associ-
ated with their interpretation. Taking into account this fact, the correction for friction and
heating during deformation in order to precisely describe flow behavior of the material is
an important factor. In the presented studies, the inverse analysis technique [28,29] was
used in order to correct the data obtained on the basis of compression tests.

Based on the isothermal hot compression tests, true stress-strain curves for Ti-1023
alloy deformed to a true strain of 1 at the temperature range of 800–100 ◦C, and strain rate
range of 0.01–100 s−1 (Figure 2) were obtained.

  

  

Figure 2. Cont.
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Figure 2. The true stress-true strain curves for Ti-1023 alloy deformed in compression at the tempera-
ture of (a) 800 ◦C, (b) 900 ◦C, (c) 950 ◦C, (d) 1000 ◦C, (e) 1100 ◦C and at various strain rates.

Generally, the expected decrease of flow stress with increasing temperature and de-
creasing strain rate was observed. As can be seen from the obtained curves, they are
characterized in most of the cases by steady state flow after reaching a peak value at the ini-
tial stage. This type of material flow behavior can mostly be noticed in the case of materials
subjected to deformation at the temperatures higher than supertransus temperature and is
quite typical for β titanium alloys processed at this temperature range [30,31]. Rapid work
hardening and subsequent flow softening effects during deformation at the temperature
below β transus temperature (Figure 2a) indicated the occurrence of DRX or DRV. However,
in this case, it should be noted that the flow curves obtained for the material deformed at
strain rate of 10 s−1 and 100 s−1 show flow softening followed by continuous decrease of
the flow stress without steady state flow region, and сan indicate flow instability under
such deformation conditions. It should also be noted that most of the curves, especially
obtained at low strain rates (≥1 s−1), do not have distinct dynamic softening effects, which
indicate the occurrence of the predominant DRV mechanism during deformation.

3.2. Development of the Constitutive Equation

The high-temperature deformation behavior of the material can be described by the
relationships of the strain rate, temperature and flow stress, e.g., by the Arrhenius-type
equation [25,32]:

.
ε = AF(σ) exp

(
− Q

RT

)
(1)

where σ is the flow stress (MPa),
.
ε is the strain rate (s−1), R is the universal gas constant

(8.314 J·mol−1·K−1), A is the material constant, Q is the deformation activation energy
(kJ·mol−1), T is the deformation temperature (K), and F(σ) is the flow stress function.

Depending on the stress levels, the flow stress function in Equation (1) can be expressed
as given in [21]:

.
ε = A1σn1 exp

(
− Q

RT

)
, for ασ < 0.8 (2)

.
ε = A2 exp(βσ) exp

(
− Q

RT

)
, for ασ > 1.2 (3)

.
ε = A[sin h(ασ)]n exp

(
− Q

RT

)
, for all σ (4)

where A, A1, A2, n1, β, n and α are the material constants, α = β/n1.
The relationship between the strain rate and temperature is described by the Zener-

Hollomon parameter (Z) [33]:

Z =
.
ε exp

(
Q

RT

)
(5)
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After transformation of Equations (2)–(4) into the natural logarithm, they allow to
calculate the materials’ constants:

ln
.
ε = ln A1 − Q

RT
+ n1 ln σ (6)

ln
.
ε = ln A2 − Q

RT
+ βσ (7)

ln
.
ε = ln A − Q

RT
+ n ln[sin h(ασ)] (8)

According to Equations (6)–(8), using the corresponding strain rates and peak flow
stresses data, the relationships of ln

.
ε-lnσ (Figure 3a), ln

.
ε-σ (Figure 3b) as well as ln

.
ε-

ln[sinh(ασ)] (Figure 3c) can be plotted. The average linear slopes on the obtained diagrams
allow determining the material constants n1, β, and n as 5.405, 0.0626, and 3.942, respec-
tively, as well as α parameter (0.0116). Based on the transformation of Equation (8) and
the subsequent average slopes of linear regression lines of ln[sinh(ασ)]-(1/T) relation-
ships presented in Figure 3d, the deformation activation energy Q can be determined as
195.682 kJ/mol. The presented activation energy value for Ti-1023 alloy deformed near
and above β transus temperatures is quite close to the activation energy presented for that
type of titanium alloy deformed in compression at β phase temperature ranges noted in
other studies 172 kJ/mol [13] and 210.45 kJ/mol [15] for Ti-1023 alloy or 222.173 kJ/mol
for Ti-555211 alloy [34]. It should be noted that the calculated activation energy for the β

phase region is significantly lower as compared to the α + β phase region for β titanium
alloys. In addition, the obtained calculated Q value for the investigated alloy is slightly
higher as compared to the self-diffusion activation energy for β titanium (153 kJ/mol) or α
titanium (169 kJ/mol) [35,36]. It is generally accepted that the calculated Q value is much
higher than the value of self-diffusion energy, indicating the presence of globularization
or DRX as a predominant mechanism during deformation, while closer activation energy
value is a characteristic feature for DRV [37]. In this regard, it should be considered that
DRV is the predominant deformation mechanism for Ti-1023 alloy at temperatures above β

transus temperature. This fact is also confirmed by the analysis of the flow stress curves
(Figure 2), which in most of the cases showed steady state flow of the material without
distinct dynamic softening effects.

  

Figure 3. Cont.
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Figure 3. Relationships between (a) ln

.
ε and lnσ, (b) ln

.
ε and σ, (c) ln

.
ε and ln[sinh(ασ)], (d) ln[sinh(ασ)]

and (1/T) for a true strain of 1.

After the conversion to logarithmic form, Equation (5) can be written as:

ln Z = ln A + n ln[sin h(ασ)] (9)

From the relationship between lnZ and ln[sinh(ασ)] (Figure 4) obtained using Equations (5)
and (9), the lnA (18.243) was calculated by linear regression with high correlation coefficient
(R = 0.989). In addition, the obtained fitting curve also allows to determine the n value as
3.934, and the small deviations between both presented values confirms the accuracy of
both calculation methods.

 

Figure 4. The relationship between lnZ and ln[sinh(ασ)].

Basing on the hyperbolic law, the flow stress as a function of the Zener-Hollomon
parameter variable can be expressed as:

σ =
1
α

ln

⎧⎪⎨
⎪⎩
(

Z
A

) 1
n
+

[(
Z
A

) 2
n
+ 1

] 1
2

⎫⎪⎬
⎪⎭ (10)

Taking into account the previously calculated material constants n, α, and A, the
equation describing the flow stress at a constant true strain value can be given as:

σ =
1

0.0116
ln

⎧⎪⎨
⎪⎩
(

Z
8.372 × 107

) 1
3.942

+

[(
Z

8.372 × 107

) 2
3.942

+ 1

] 1
2

⎫⎪⎬
⎪⎭ (11)
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3.3. Strain Compensated Constitutive Model

One of the main deformation parameters that affect the DRV and DRX mechanisms is
a true strain. During hot compression, the true stress-true strain relationship describes the
flow behavior of the material, inter alia work hardening, and flow softening effects. It is
also known that the material parameters also depend on strain level, which was not taken
into account before this stage of this research. The compensation of strain for description
of hot deformation behavior can be considered basing on the polynomial functions of the
strain for the given material parameters [25,38]. In these studies, the polynomial function
was used to describe the influence of α, n, Q, and A material parameters on true strain
range of 0.1 to 1, at 0.1 interval (Figure 5), for the investigated temperatures and strain
rates. It was determined that the 6th-order polynomial function (Equation (12)) is the most
optimal for describing variable material parameters as a function of true strain.⎧⎪⎪⎨

⎪⎪⎩
α = B0 + B1ε + B2ε2 + B3ε3 + B4ε4 + B5ε5 + B6ε6

n = C0 + C1ε + C2ε2 + C3ε3 + C4ε4 + C5ε5 + C6ε6

Q = D0 + D1ε + D2ε2 + D3ε3 + D4ε4 + D5ε5 + D6ε6

lnA = F0 + F1ε + F2ε2 + F3ε3 + F4ε4 + F5ε5 + F6ε6

(12)

The coefficients (Bi, Ci, Di and Fi, for i = 0–6) for Equation (12) were obtained from
the polynomial approximation (red lines) of the material parameters presented in Figure 5,
and are given in Table 1.

 

  

Figure 5. Material parameters (a) α, (b) n, (c) Q, and (d) lnA for various true strain levels.

Table 1. The coefficients of material parameters α, n, Q, and A obtained basing on polynomial fitting.

α n Q, kJ/mol lnA
B0 = 0.0097 C0 = 3.4595 D0 = 240.38 F0 = 22.69

B1 = −0.0027 C1 = 5.8104 D1 = 161.47 F1 = 20.393
B2 = 0.0411 C2 = −35.627 D2 = −1874.9 F2 = −215.18

B3 = −0.1249 C3 = 97.715 D3 = 6089.3 F3 = 687.83
B4 = 0.1933 C4 = −136.94 D4 = −9574.8 F4 = −1070.8

B5 = −0.1502 C5 = 94.922 D5 = 7379.5 F5 = 817.86
B6 = 0.0453 C6 = −25.4 D6 = −2225.2 F6 = −244.58
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After determining the material parameters as a function of true strain, flow stresses
were calculated taking into account the strain compensated constitutive model adopted for
description of hot deformation behavior of Ti-1023 alloy at the investigated temperatures,
strain and strain rate ranges. Figure 6 presents the experimental flow stresses obtained
during hot compression tests and the flow stresses calculated on the basis of the constitutive
equations and also taking into account various strain levels. As can be seen in Figure 6,
there is a high correlation between the calculated and experimental flow stress values.

 

  

 
Figure 6. Experimental and calculated flow stresses for Ti-1023 alloy for deformation temperatures of (a) 800 ◦C, (b) 900 ◦C,
(c) 950 ◦C, (d) 1000 ◦C, (e) 1100 ◦C.

The verification of the developed strain compensated model is based on discrepancies
between experimental and calculated flow stress data. The most indicative parameters of
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data prediction are the correlation coefficient (R) and an average absolute relative error
(AARE, %), that can be determined by Equations (13) and (14), respectively [11].

R =
∑N

i=1
(
Ei − E

)(
Pi − P

)√
∑N

i
(
Ei − E

)2(Pi − P
)2

(13)

AARE =
1
N

N

∑
i=1

∣∣∣∣Ei−Pi
Ei

∣∣∣∣× 100% (14)

where Ei is experimental flow stress and Pi is calculated flow stress, E and P are the mean
values betwen experimental and calculated flow stress, N is the total number of data.

It is generally accepted that when the value of R coefficient is closer to 1 with small
AARE value, then higher accuracy of flow stress calculations can be obtained. The devel-
oped strain compensated constitutive model describing flow behavior of Ti-1023 alloy is
characterized by R value of 0.9905 and the low AARE (5.07%) level. As can be seen in
Figure 7, the relationship between calculated and experimental data points is almost linear,
which confirms the high accuracy of the developed model.

 
Figure 7. The correlation between calculated and experimental flow stresses for Ti-1023 alloy.

3.4. Processing Maps

The approaches based on DMM theory using criteria determining the material flow
instability are an effective tool for describing the hot workability of the materials. The
stability criterion developed by Prasad has shown its effectiveness in predicting the de-
formation behavior of many alloys [4,39–44]. The distribution of power dissipation and
flow instability parameters in the form of maps allows controlling changes in microstruc-
ture during the deformation of the investigated material. The fundamental parameter
in DMM is the efficiency of power dissipation (η), which indicates the power dissipated
through microstructural development mechanisms such as phase transformations, DRV or
DRX [40,42,45] and can be determined as:

η =
2m

m + 1
(15)

where m is the strain rate sensitivity parameter, which can be defined as a function of strain
rate

.
ε (m = ∂ logσ/∂ log

.
ε).

It is well known that a higher value of the η parameter corresponds to a better hot
workability of the material due to a larger share of the power dissipated resulting from
changes in the material microstructure. On the other hand, the flow instability during
hot deformation of the material can be described using the criterion (ξ) proposed by
Prasad [42,44]:
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ξ
( .
ε
)
=

∂ ln
( m

m+1
)

∂ln
.
ε

+ m ≤ 0 (16)

Negative vales of instability criterion parameter ξ reflects the instability of the mate-
rial flow that can be characterized by adiabatic shear bands, kink bands, Lüders bands,
flow localization, or cracking [43,46]. The superimposition of power dissipation map on
instability map allows to develop the processing map for the investigated deformation
parameters. Basing on the processing maps, it is possible to optimize the thermomechanical
processing parameters and the material flow behavior can be predicted.

Basing on the DMM as well as on Prasad stability criterion, the processing maps for the
deformation temperature range from 800 ◦C to 1100 ◦C and strain rate range of 0.01–100 s−1,
and for true strains 0.2, 0.6 and 1 (Figure 8) were developed. These maps represent the
distribution of η parameter expressed as a percentage (black isoclines) and instability
criterion ξ ≤ 0 (gray shaded areas with red borders). The nature of the distribution of
the efficiency of power dissipation indicates that the hot workability of the investigated
titanium alloy is better at lower strain rates, which is typical for many titanium alloys and
particularly for β titanium alloys [7,9,47,48]. As can be seen in Figure 8, the tendency of
the distribution of the efficiency of power dissipation does not change with the change
of the true strain value. It is generally accepted that the value of the efficiency of power
dissipation in the range of 20–35% indicates DRV, while more than 35% is associated with
DRX or superplasticity [7]. The high values of the η parameter can also indicate high
ductility of large grains caused by substructure formation mechanisms [49,50]. As can be
seen from the distribution of power dissipation, the DRV is the predominant deformation
mechanism at the investigated deformation conditions.

  

 

Figure 8. Processing maps for Ti-1023 alloy developed for true strains of (a) 0.2, (b) 0.6, and (c) 1.
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The distribution of criterion ξ shows that the flow instability (a negative values of ξ)
appears only in a small area for the true strain of 1 (Figure 8c), at strain rates from 3 s−1 to
6 s−1 and deformation temperatures in the range of 800–810 ◦C. This means that the flow
behavior of Ti-1023 is quite stable under the investigated deformation conditions. It should
also be emphasized that the noted instability area is characterized by the low efficiency
of power dissipation (21–17%), and it is also one of the reasons not to recommend the hot
deformation under parameters corresponding to this range of processing parameters.

Based on the distribution of flow instability parameter ξ as well as the η parame-
ter, the processing windows describing the most useful combinations of hot deformation
parameters can be determined. First of all, a domain should be distinguished (first pro-
cessing window), with peak values of the efficiency of power dissipation in the range
from 56% to 60%, in the temperature range from 950 ◦C to 1050 ◦C and low (≥0.04 s−1)
strain rates. The second processing window is located in the domain at the temperature
range of 980–1050 ◦C and strain rates ≤ 60 s−1 with peak value of parameter η in the range
of 38–34%. The hot workability of Ti-1023 alloy can be improved by the application of
deformation conditions corresponding to the proposed process windows.

3.5. The Microstructure Evolution

Figure 9 presents the microstructures of the specimens deformed in compression under
various deformation temperatures and strain rates. The microstructure of the material
deformed at temperature of 800 ◦C and strain rate of 0.01 s−1 (Figure 9a) is characterized
by fine α phase precipitates, still remaining in the microstructure of the original β grains.
An increase in the deformation temperature to 1000 ◦C (Figure 9b) leads to the complete
dissolution of the α phase precipitates and to the effects associated with the DRV. The grain
growth and deformation of the original β grains as well as the subsequent formation of the
substructure as a result of deformation are observed. Such changes in the microstructure
can be associated with superplasticity of large grains at low deformation strain rates, which
was also reported in other studies [49,51]. In addition, the high value of parameter η
(56–60%) indicates better workability during such deformation conditions as a result of
a greater power dissipated due to the microstructural changes. The microstructure of
the material deformed in the β phase region at temperature of 900 ◦C and strain rate of
1 s−1 is presented in Figure 9c. An increase in strain rate causes the original β grains to
elongate in the direction of the material flow and the β grains boundaries are serrated.
This effect is associated with DRV and affects the further nucleation of grains at the prior β
phase boundaries, which is also visible in Figure 9c and is typical for DRX. At the highest
deformation temperature and highest strain rate (Figure 9d), recrystallized grains and
partial recrystallization of the microstructure can be observed.

As can be seen in Figure 10, the microstructure of the material deformed at 800 ◦C
and under strain rate of 10 s−1 (conditions corresponding to instability area at processing
map developed according to the Prasad criterion) indicates instability of the material flow
(flow localization). It should be noted that the microstructure also contains, in addition
to β grains, small particles of the α phase. It is known that inhomogeneous deformation
of β grains can be associated with dislocations stuck at the interface between the α + β

and β phases at high strain rates [47]. Taking into account the above analysis, the hot
workability of Ti-1023 alloy under processing parameters corresponding to the presented
flow instability is not recommended.
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Figure 9. The microstructures of Ti-1023 alloy deformed under chosen processing conditions:
(a) 800 ◦C and 0.01 s−1, (b) 1000 ◦C and 0.01 s−1, (c) 900 ◦C and 1 s−1, (d) 1100 ◦C and 100 s−1.

 

Figure 10. The microstructure of Ti-1023 alloy deformed under thermomechanical parameters
corresponding to flow instability area.

4. Conclusions

The analysis of deformation behavior of β Ti-1023 alloy at temperatures near and
above β transus temperature leads to the following conclusions:

• Basing on the Arrhenius-type equation, the strain compensated constitutive model
was developed for the description of the flow behavior of the investigated alloy during
high-temperature deformation. Very low value of average absolute relative error and
high correlation between calculated values of flow stress and experimentally obtained
flow stresses confirmed a high accuracy of the developed model.

• The processing maps were generated upon the Prasad stability criterion for the investi-
gated deformation conditions. The most favorable parameters of the alloy processing,
as well as the areas of instability of the material flow, have been established. Generally,
the high material flow stability was revealed.
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• It was confirmed that the dynamic recovery is the main mechanism operating during
the high-temperature deformation of Ti-1023 alloy. The analysis of the microstructure
of the material deformed under the assumed thermomechanical conditions showed
that DRV mechanisms, such as formation of subgrains or formation of serrated grain
boundaries, play an important role in deformation behavior of this alloy.
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Abstract: The dynamic recrystallization (DRX) behavior of 47Zr-45Ti-5Al-3V alloy was studied by
using the experiment and numerical simulation method based on DEFORM-3D software and cellular
automata (CA) over a range of deformation temperatures (850 to 1050 ◦C) and strain rates (10−3 to
100 s−1). The results reveal that the DRX behavior of 47Zr-45Ti-5Al-3V alloy strongly depends on
hot-working parameters. With rising deformation temperature (T) and decreasing strain rate (

.
ε),

the grain size (dDRX) and volume fraction (XDRX) of DRX dramatically boost. The kinetics models of
the dDRX and XDRX of DRX grains were established. According to the developed kinetics models
for DRX of 47Zr-45Ti-5Al-3V alloy, the distributions of the dDRX and XDRX for DRX grains were
predicted by DEFORM-3D. DRX microstructure evolution is simulated by CA. The correlation of
the kinetics model is verified by comparing the dDRX and XDRX between the experimental and
finite element simulation (FEM) results. The nucleation and growth of dynamic recrystallization
grains in 47Zr-45Ti-5Al-3V alloy during hot-working can be simulated accurately by CA simulation,
comparing with FEM.

Keywords: 47Zr-45Ti-5Al-3V alloy; hot-working; DRX behavior; FEM; CA

1. Introduction

Zirconium alloys owns low thermal neutron absorption cross-section, superior me-
chanical properties for long term operations in high pressure and adequate corrosion
resistance in contact with high-temperature water, which plays a significant role in struc-
tural materials of the aerospace field [1–3]. With the rapid development of the aviation
industry, the increasing requirement in the mechanical properties was needed for the
structural materials of the aerospace field. Recently, a series of new ZrTiAlV alloys with
an ultrahigh strength were designed [4–9]. The mechanical properties of key components
were depended on the microstructure produced during hot-working of the ZrTiAlV alloys,
which was effected by hot processing parameters. Therefore, it is essential to deeply reveal
the microstructure evolution and deformation mechanism of ZrTiAlV alloys at various
hot-processing conditions. In the previous work, the hot-deformation behavior of ZrTiAlV
alloys was investigated, and the constitutive equation and processing maps have estab-
lished [7–11]. The hot-deformation behavior of new 47Zr-45Ti-5Al-3V alloy is significantly
different from that of traditional zirconium alloys [12–15]. For the 47Zr-45Ti-5Al-3V alloy,
the dynamic recrystallization is not easily occurred at low deformation temperature and
high strain rate. Generally, DRX is regarded as an excellent way to refine the grain size of
metals during the hot-working. However, no published investigation on the DRX kinetics
behavior of 47Zr-45Ti-5Al-3V alloys has been carried out. Thus, it is critical to understand
the microstructure evolution in the process of DRX and construct the DRX kinetics model
for improving the mechanical properties of 47Zr-45Ti-5Al-3V alloy.

Recently, with the rapid increase in computer performance, the DRX kinetics of metals
during hot-working has been qualitatively studied by using the software of FEM and
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CA [16–24]. Irani et al. [16] investigated the DRX kinetics of the AA6060 aluminum alloy by
the FEM method. The results demonstrated that controlling the number of element points
can effectively improve efficiency and increase the accuracy of FEM. Ji et al. [17] embed the
DRX kinetics model for 33Cr23Ni8Mn3N alloy into the DEFORM-3D software to charac-
terize the relationship between hot-working parameters and the dDRX and XDRX of DRX
grains. The result manifests a good consistent between the simulation and experimental
results. Wu et al. [18] utilized a cellular automaton (CA) coupled with FEM by means of
ABAQUS software to study the DRX microstructure evolution of AZ61 alloy. The simula-
tion results correspond well to the experimental results. NithinBaler et al. [19] revealed the
DRX mechanism of γ′-L12 alloy by the FEM methods, which was discontinuous dynamic
recrystallization (DDRX). Geng et al. [20] also reported that the DRX evolution of GH4169
superalloy during hot-working can be better predicted by FEM software integrated with
the developed kinetics model. Zhang et al. [21] studied the microstructure evolution of
7055 aluminum alloy in the rolling process by using FEM and CA methods, and found
that CA method can more accurately simulate the evolution of DRX. Li et al. [22] utilized
the 3D-CA method to describe the DRX behavior and mechanical response of the titanium
alloy during the uneven deformation, which showed a good consistency with the results
obtained by experimental test. All in all, the CA and FEM methods have been widely
regarded as valid ways to predict the microstructure evolution in the DRX process of metals
and alloys.

In order to reveal the DRX behavior and construct the DRX kinetics model of 47Zr-45Ti-
5Al-3V alloy, in this present work, the CA–FE method is used to study the DRX behavior
of 47Zr-45Ti-5Al-3V alloy from the macro- and micro-scales. A developed kinetics model
of the DRX for 47Zr-45Ti-5Al-3V alloy was established. The microstructure evolution of
the alloy in the process of DRX was analyzed by DEFORM-3D software and CA integrated
with the developed kinetics and dislocation models. Additionally, a comparison of the
difference between the experimental and simulated results has been carried out to testify
the validity of FE–CA simulation.

2. Experiment

A forged 47Zr-45Ti-5Al-3V alloy (wt.%) was employed in this work. The specific
preparation process has been introduced in the previous work [8]. The phase transforma-
tion temperature of β → α + β for 47Zr-45Ti-5Al-3V alloy is 703 ◦C [5]. The forged alloy
was solution-treatment at 1050 ◦C for 0.5 h and subsequently water-quench. Figure 1a
depicts the initial microstructure of the solution-treated alloy with an average grain size of
about 450 μm.

  
400 μm 400 μm 

(a) (b) 

Figure 1. (a) Microstructure of the 47Zr-45Ti-5Al-3V alloy solution-treatment at 1050 ◦C for 0.5 h. (b) Initial microstructure
simulated by CA.
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Cylindrical samples of ø8 × 12 mm were prepared by the wire cutting. To analyze the
DRX behavior and construct the DRX kinetics model of 47Zr-45Ti-5Al-3V alloy, hot compres-
sion test was conducted on a Gleeble 3500 at various testing conditions. The deformation
temperature was set in the range of 850 to 1050 ◦C, and the strain rate was set in the range
of 10−3 to 100 s−1. The schematic diagram of the experimental tests is shown in Figure 2.
The testing samples were compressed to a true strain of 0.7. For preserving the microstruc-
ture of the deformed samples, the deformed samples were rapidly water-quenched to
20 ◦C.

Te
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 950oC
 900oC
 850oC

1050oC/10 min  100-10-3 s-1 
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Deformation stageHolding stage

30s

20oC/s

Figure 2. Schematic diagram of the experimental tests in this work.

For optical microstructure observation (OM) by using Leica DMI5000M, the deformed
samples were ground and then etched by chemical means. The etching solution is a Kroll
reagent of 15% HF, 40% HNO3 and 45% H2O (Vol.%). The value of the dDRX and XDRX
of DRX grains was counted by the Image-Pro software (Media Cybernetics, Silver Spring,
MD, USA).

3. Results and Discussion

3.1. Hot-Deformed Microstructure

Figure 3 presents typical stress–strain curves for the ZrTiAlV alloy at different temper-
atures. It is seen that the stress–strain curves illustrate a dynamic recovery characteristic
at a low deformation temperature and high strain rate, while showing a dynamic recrys-
tallization characteristic at a high deformation temperature and low strain rate. Figure 4
displays the representative deformed microstructures of the 47Zr-45Ti-5Al-3V alloy. At the
strain rate of 1 s−1, the initial grains of the samples deformed at the temperatures of 850
and 900 ◦C were elongated perpendicular to the compression direction of deformed sam-
ples, indicating that only DRV occurred. When the samples deformed at 950 ◦C/1 s−1,
a few fine grains of DRX formed at the grain boundaries of deformed grains, showing
that dynamic recrystallization firstly took place under this deformation condition. As the
deformation temperature increases and the

.
ε decreases, the grain boundary migration

rate is accelerated and the XDRX and dDRX of DRX grains increase. At the hot-working
parameters of 1000 ◦C and 0.001 s−1, the microstructure with uniform equiaxed grains can
be achieved, revealing that a full DRX occurred during hot-working. When the T further
raised to 1050 ◦C, there were obvious coarsening for the DRX grains. It is attributed to a
fact that high deformation temperature and low

.
ε provide enough energy and sufficient

time for dynamic recrystallization to nucleate and grow, so the dynamic recrystallization is
more sufficient under this condition.
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Figure 3. Typical stress–strain curves for the ZrTiAlV alloy at different temperatures [11]. (a) T = 850 ◦C; (b) T = 950 ◦C;
(c) T = 1000 ◦C; (d) T = 1050 ◦C.
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Figure 4. Cont.
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Figure 4. Optical microstructures of ZrTiAlV alloy under different hot-working conditions at the true strain of 0.7: (a) 850 ◦C,
1 s−1; (b) 900 ◦C, 1 s−1; (c) 950 ◦C, 0.1 s−1; (d) 1000 ◦C, 0.01 s−1; (e) 1000 ◦C, 0.001 s−1; and (f) 1050 ◦C, 0.001 s−1.

3.2. Peak Strain and Critical Strain

According to the flow curves obtained from hot-working, the peak strain (εp) of each
flow curve is as listed in Table 1. It was observed that the εp gradually declined with the
increment deformation temperature of at a given strain rate.

In previous work, the value of deformation activation energy (Q) was calculated to be
207.7 kJ/mol. The constitutive equation of the 47Zr-45Ti-5Al-3V alloy has been established
according to the hyperbolic-sine Arrhenius-type equation as follows [11]:

.
ε = 6.7 × 108[sinh(ασp)]

3.09 exp(−207700
RT

) (1)

Hence, the relationship between the εp and Zener–Hollomon parameter (Z =
.
ε exp( Q

RT ))
can be characterized, as shown in Figure 5. The relation between the εp and Z can be
written as the following formula [25–28]:

εp = 8.61 × 10−5Z0.39 (2)

Generally, when the strain reaches a critical strain (εc) during hot-working, the DRX
can occur due to the driving of dislocation accumulation and entanglement [29]. The critical
strain (εc) is corresponding to the start point of DRX, which can be achieved by a turning
point (∂(∂θ/∂σ)/∂σ = 0) gained from the curve of strain hardening rate (θ) corresponding
to the true stress (σ) [30,31]. In this present study, the values of εc at various hot-working
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parameters were listed in Table 1. The relation between εc and εp can be expressed by
the following [32]:

εc = βεp (3)

where the value of β (material constant) can be achieved to be 0.67 by the data in Figure 6.
By integrating Equation (2) with Equation (3), the εc can be written as follows:

εc = 5.77 × 10−5Z0.39 (4)

Table 1. The values of εp and εc under various hot-working conditions.

Temperature
εp εc

1 s−1 0.1 s−1 0.01 s−1 0.001 s−1 1 s−1 0.1 s−1 0.01 s−1 0.001 s−1

850 ◦C 0.38 0.21 0.12 0.07 - - - -
900 ◦C 0.34 0.14 0.11 0.055 - - 0.07 0.038
950 ◦C 0.26 0.1 0.083 0.025 0.17 0.06 0.05 0.018

1000 ◦C 0.17 0.08 0.03 0.012 0.13 0.05 0.018 0.006
1050 ◦C 0.13 0.05 0.02 0.01 0.09 0.03 0.01 0.004

11 12 13 14 15 16 17 18
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Figure 5. Relationship between the lnZ and lnεp.
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Figure 6. Relationship between the εc and εp.
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3.3. Kinetics Model of DRX

The DRX behavior consisted of nucleation and growth during hot-working. For the
discontinuous recrystallization mechanism, the nucleus of DRX grains generally formed in
the grain boundaries, and then grew toward the interior of the grains with a high density
nearby the grain boundaries. The XDRX of DRX grains was significantly affected by the
hot-working parameters, which is expressed by using the JMAK equation [32,33]:

XDRX = 1 − exp
[
−k ×

(
ε − εc

εp

)n]
(5)

where k and n represent the Avrami material constants. In previous work, the measuring
of the XDRX was usually obtained by OM and the Electron Backscatter Diffraction (EBSD)
technique [33]; however, those methods require considerable calculations and are expensive
to carry out. In order to solve the above problems, XDRX is extensively computed based
on the relationship between XDRX and σ in the process of hot-working, which can be
expressed as follows [34,35]:

XDRX =
σp − σ

σp − σss
(6)

where σp and σss are on behalf of the peak stress and the steady flow stress of the flow
curve, respectively. To calculate the values of k and n in Equation (5), we take the natural
logarithm on both sides of Equation (5), as written in Equation (7):

ln[− ln(1 − XDRX)] = ln k + n ln[(ε − εc)/εp] (7)

The k and n (average values) can be calculated as 0.0021 and 1.88 by the data in
Figure 7, respectively. Hence, the kinetic model of DRX was expressed as follows:

XDRX = 1 − exp

[
−0.0021 ×

(
ε − εc

εp

)1.88
]

(8)
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Figure 7. Relationship between ln[− ln(1 − XDRX)] and In[(ε − εc)/εp].

The XDRX-ε curves were obtained from the DRX kinetics model of 47Zr-45Ti-5Al-3V
alloy at various deformation conditions, as shown in Figure 8. So, as to further analyze the
growth behavior of DRX grains, the dDRX as a function of Z parameter was characterized
by the follow [35]:

dDRX = CZm1 (9)
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where the C and m1 are constants. The Equation (9) can be rewritten as the form of Equation (10):

ln dDRX = ln C + m1 ln Z (10)

The variation on the dDRX with hot-working parameters was depicted in Figure 9.
The material constants were calculated as C = 2565.73 and m1 = −0.25, respectively. There-
fore, the connection between the dDRX and the Z parameter can be showed as follows:

dDRX = 2565.73Z−0.25 (11)
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Figure 9. Relationship between lndDRX and lnZ.
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3.4. FEM of DRX Behavior

Based on the DRX kinetic equation established above, the isothermal forging process
was simulated by the DEFORM-3D software (Scientific Forming Technologies Corporation,
Columbus, OH, USA) During the process of isothermal forging simulation, the elastic
deformation can be usually ignored. Therefore, the workpiece was treated as an object
with plasticity, while the tools were treated as an object with rigidity. For improving the
efficiency of FEM calculation and increasing the accuracy of the simulation results, the FE
model was established by symmetrical half cylinder. The sample for FEM was segmented
in terms of tetrahedral meshes. The numbers of the meshes and the nodes were set to
26,538 and 4726, respectively. The top die was set as movable, while the bottom die was
fixed. The coefficient of the friction was set to be 0.3 [33]. For the keeping consistency
between experimental and the simulation results, the temperature of all items in the model
was set to be consistent with the experimental temperature during the process of FEM.
Figure 10 shows the sketch map of effective stress for FEM at the true strain of 0.7. It is
seen that the deformation region is mainly divided into three different regions, according
to the degree of the deformation, as marked in Figure 10. A heavy deformation took place
in region I, while only a slight deformation was observed in region II. Usually, the region II
is defined as the free deformation area. It is noted that non-deformation was presented in
region III, namely “dead zone” [33,34]. This indicates that the plastic deformation of the
samples is uneven.

Figure 10. Diagram of deformation area.

Table 2 displays the distribution cloud maps of the dDRX for 47Zr-45Ti-5Al-3V alloys.
It is worth noting that the dDRX distribution is uneven in different regions, due to the
non-uniformity of deformation in the compression process. Under low T and high

.
ε

conditions, only a few DRX grains with small size formed in region I, while dynamic
recrystallization cannot occur in region III, where the size of grains keeps the original grain
size. With the augment of T and the drop of

.
ε, the size of DRX grains gradually increased.

When the deformation condition is 1050 ◦C/0.001 s−1, the size of DRX grains increased to
approximately 128 μm. It is worth noting that the size of DRX grains in region III is higher
than that in region II. Table 3 depicts the distribution cloud maps of the XDRX deformed
at the true strain of 0.7. It can be observed from Table 3 that the XDRX is obviously low
under low T and high

.
ε conditions. With the augment of T and the drop of

.
ε, the XDRX

gradually increased. It is also important to note that the distribution of the XDRX is also
non-uniform in different regions during hot-working. Regions with a large degree of
deformation have higher deformation storage energy, thereby promoting the nucleation of
DRX [36–40]. The XDRX in region I is higher than that in regions II and III.
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Table 2. The distribution of dDRX for 47Zr-45Ti-5Al-3V alloys deformed under various hot-working conditions at the true
strain of 0.7.

Strain Rate/s−1
Temperature/◦C

dDRX, μm
900 950 1000 1050

0.001

0.01

    

0.1

    

1

    

Table 3. The distribution of XDRX for 47Zr-45Ti-5Al-3V alloys deformed under various hot-working conditions at the true
strain of 0.7.

Strain Rate/s−1
Temperature/◦C XDRX,%

900 950 1000 1050

0.001

0.01

    

0.1

  

1

Figures 11 and 12 illustrate a difference between the experimental and FEM results of
dDRX and XDRX , respectively. A good consistency is observed between experimental and
the simulation results. The change trends of dDRX and XDRX for the experimental and the
simulation results are consistent. According to References [33,40], the correlation between
the experimental and the simulation results was characterized by the correlation coefficient
(R2) and the average absolute relative error (Δ) value. It is seen from Figures 13 and 14 that
the experimental results keep a linear relationship with the FEM results. The value of R2

was 0.95 and 0.99 for the dDRX and XDRX, respectively. It is generally believed that DRX
does not occur in the area where the XDRX percentage is less than 5%; thus, the Δ value of
the dDRX and XDRX for DRX grains was computed to be, respectively, 15.7% and 8.78%.
This suggests that the DRX behavior of 47Zr-45Ti-5Al-3V alloy can be described well by
the established kinetic equations that are embedded in the DEFORM-3D software.
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Figure 11. A comparison between the experimental and FE results of the grain size of recrystallized
grains (dDRX).
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Figure 12. A comparison between the experimental and FE simulation results of the volume fraction
of DRX (XDRX).
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Figure 13. Correlation between the FEM and experimental grain size of DRX for 47Zr-45Ti-5Al-3V
alloys after hot deformation.
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Figure 14. Correlation between the FEM and experimental volume fraction of DRX for 47Zr-45Ti-
5Al-3V alloys after hot deformation.

3.5. CA of DRX Behavior

The CA method is a mathematical algorithm used to describe the evolution of a com-
plex system in discrete space-time. Usually, the CA model consists of four basic elements:
cell space, neighbor type, boundary conditions and cell state. The cell orientation is set
to a random number from 1 to 180, and the cell transformation rule is “Moore neighbor”.
From the viewpoint of dislocation density, the plastic deformation of metals is attributed to
dislocation slip and climbing. In the process of hot-working, the dislocation density in the
matrix increases with the increase of strain, and the evolution of the microstructure during
the hot deformation is always accompanied by the change of dislocation density. In the CA
model, the dislocation model can be described as follows [22,41]:

σ = αμb
√

ρ (12)
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dρ

dε
= k1

√
ρ − k2

√
ρ (13)

where the α is 0.5; ρ and ρ represent the dislocation density and average dislocation density
respectively; b represents the Burger’s vector; μ represents the shear modulus; and k1 and
k2 represent work-hardening and dynamic-softening coefficients, respectively. There is
no ρ gradient inside a single grain of alloy during the hot-working. The ρ during the CA
simulation can be expressed as follows [42]:

ρ =
1

N0

i=A,j=B

∑
i,j

ρi,j (14)

where A and B respectively represent the number of cells in the i and j directions; N0 rep-
resents the total number of cells; and ρi,j represents the dislocation density of the cell at
coordinates (i, j). During the hot-working process, as the dislocation density reaches the
critical dislocation density (ρc), the DRX grains begin to nucleate. In addition, the formation
of DRX grains reduces the ρ of the alloy, and a new round of DRX occurs as the amount of
deformation further increases. The nucleation rate (

.
n) is linearly related to the

.
ε [22,42]:

.
n = C

.
ε

α (15)

where C and α usually take 200 and 0.9, respectively.
Based on the initial microstructure of the solution-treated alloy, the initial solid solution

structure was simulated by the CA simulation, as shown in Figure 1b. The experimental and
predicted microstructures by CA after hot-working were displayed in Figure 15. The CA
simulation results show that the evolution of DRX grains is strongly correlated with hot
processing parameters. Figures 16 and 17 reveal that the experimental results keep a linear
relationship with the CA results. The Δ value of the dDRX and XDRX for DRX grains was
computed to be respectively 6.32% and 9.3%. In general, CA simulation has more accurate
results than FEM simulation. However, FEM can more intuitively simulate the overall
change of the alloy during the whole process of hot compression. The combination of FEM
and CA simulation can more effectively predict the macro and micro evolution of DRX for
47Zr-45Ti-5Al-3V alloy.
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(c) 

(d) 

(g) 

(h) 

400 μm 400 μm 

400 μm 400 μm 

Figure 15. Microstructure of the 47Zr-45Ti-5Al-3V alloys after hot-working and CA simulation result: (a,e) 900 ◦C/10−3 s−1,
(b,f) 950 ◦C/10−3 s−1, (c,g) 1000 ◦C/10−2 s−1 and (d,h) 1050 ◦C/10−2 s−1.
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Figure 16. A comparison between the experimental and CA results of the dDRX .

800 850 900 950 1000 1050 1100
0

20

40

60

80

100

       
       

1 s-1

0.1 s-1

0.01 s-1

0.001 s-1

 

 

V
ol

um
e 

fr
ac

tio
n 

of
 re

cr
ys

ta
lli

ze
d 

gr
ai

ns
, %

Deformation temperature, oC

      
      

Experiment results

Simulation results

 
Figure 17. A comparison between the experimental and CA simulation results of the XDRX .

4. Conclusions

The DRX behavior of the 47Zr-45Ti-5Al-3V alloy was investigated by using a CA–FE
simulation. The main conclusion obtained can be drawn as follows:

(1) In this present study, the main softening mechanism of 47Zr-45Ti-5Al-3V alloy was
regarded as DRX. The results revealed that the deformation T and

.
ε have a strong

effect on the DRX behavior of 47Zr-45Ti-5Al-3V alloy. The XDRX and dDRX of DRX
grains increased with rising T and decreasing

.
ε.
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(2) Based on the hot-working test, the XDRX and dDRX model of DRX were established,
which can be written as the following formula:⎧⎨

⎩ XDRX = 1 − exp
[
−0.0021 ×

(
ε−εc

εp

)1.88
]

dDRX = 2565.73Z−0.25

⎫⎬
⎭

(3) The value of R2 was, respectively, 0.95 and 0.99 for the dDRX and XDRX between the
experimental and FEM results, while the average Δ value for the dDRX and XDRX
was, respectively, 15.7% and 8.78%, which indicated that the FEM results of XDRX and
dDRX are in great line with the experimental results.

(4) The Δ value of the dDRX and XDRX for DRX grains is respectively computed in the
process of CA simulation. The Δ value of the dDRX and XDRX was, respectively, 6.32%
and 9.3% for CA simulation, which indicated that CA simulation has more accurate
results than FEM.
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Abstract: In the presented research, conventional hot processing maps superimposed over the flow
stress maps or activation energy maps are utilized to study a correlation among the efficiency of
power dissipation, flow stress, and activation energy evolution in the case of Cr-Mo low-alloyed
steel. All maps have been assembled on the basis of two flow curve datasets. The experimental one
is the result of series of uniaxial hot compression tests. The predicted one has been calculated on
the basis of the subsequent approximation procedure via a well-adapted artificial neural network.
It was found that both flow stress and activation energy evolution are capable of expressing changes
in the studied steel caused by the hot compression deformation. A direct association with the course
of power dissipation efficiency is then evident in the case of both. The connection of the presence
of instability districts to the activation energy evolution, flow stress course, and power dissipation
efficiency was discussed further. Based on the obtained findings it can be stated that the activation
energy processing maps represent another tool for the finding of appropriate forming conditions
and can be utilized as a support feature for the conventionally-used processing maps to extend their
informative ability.

Keywords: processing maps; activation energy maps; flow stress maps; artificial neural networks

1. Introduction

Since the end of the 2nd millennium, hot processing maps, introduced on the basis of the
dynamic material model (DMM), have been being broadly used in the sense of the optimization of hot
forming processes (forging, rolling, etc.) [1–28]. It is well known that the processing map displays the
distribution of power dissipation efficiency and metallurgical instability in the strain rate–temperature
coordinates under the specific value of strain. The thermomechanical conditions linked with the higher
efficiency of power dissipation and in the same time with the absence of metallurgical instability are
then usually considered as advantageous. In the case of a specific material, the results are usually
presented as the series of processing maps assembled at various strains or as a volumetric chart,
which allows these maps to be unified into one coherent unit [1,2].

The above approach has been employed to study the hot working behavior of various materials
which were prepared and formed by different methods and subsequently used for different applications—
for instance, steels: Fe-11Mn-10Al-0.9C duplex low-density steel susceptible to κ-carbides [3],
as-extruded 42CrMo high-strength steel [4], 25Cr3Mo3NiNb steel [5], 10CrMo9-10 steel [6], 34CrNiMo
medium carbon steel [7], medium carbon steel, microalloyed by B and Ti [8], medium-carbon
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bainitic steel [9], 43CrNi steel [10], high-carbon/low-carbon steel composite [11], 347H austenitic
heat-resistant stainless steel [12], high-titanium Nb-micro-alloyed steel [2]; nickel alloys: Ni-based
superalloy [13], P/M nickel-based superalloy [14], IN-718 superalloy [15], NiTiNb shape memory
alloy [16]; aluminum alloys: as-extruded 7075 [17], 5052 alloy [1], B4C/6061Al nanocomposites
fabricated by spark plasma sintering [18]; titanium alloys: Ti-15-3 [19], Ti-6242 [20], ATI425 [21],
TC21 [22]; zirconium alloys: reactor-grade alpha-zirconium [23], Zr-2.5Nb [24]; and some other alloys:
AZ31-1Ca-1.5 vol% nano-alumina composite [25], Cu–Cr–Zr–Nd alloy [26], Pb-Mg-10Al-0.5B alloy [27],
Fe3Al intermetallic alloy [28], etc.

Recently, some efforts have been made to improve the informative capability of the above-
mentioned processing maps. In the case of a specific material, these maps are usually developed
on the basis of an experimentally-achieved flow-curve dataset. Nevertheless, Quan et al. [17] have
proposed to extend an experimental dataset by means of a prediction procedure since the limited
number of experimental curves can lead to the inferior informative ability of compiled processing maps.
This suggestion has been recently studied in the case of 10CrMo9-10 steel [6] when the additional
(predicted) dataset revealed potentially inappropriate forming conditions. In connection with the above
presented maps, Zhou et al. [1] utilized a term—conventional hot processing (CHP) maps. They pointed
out the fact that, until now, employed processing maps do not take into account the difficulty of the
course of material deformation. They demonstrated this assumption on the previously-published
CHP maps—these maps indicated suitable forming conditions at thermomechanical circumstances in
which the corresponding microstructure observations revealed notable shear bands [1]. Zhou et al.
therefore introduced a so-called activation energy processing (AEP) maps. These maps combine the
above discussed CHP maps and activation-energy (AE) maps. The activation energy characterizes
the difficulty of a deformation course since embodies the capability of atoms to surmount energy
barriers. Lower values of activation energy are then linked with the easier course of deformation.
Thus, the potentially appropriate forming conditions are in the case of the AEP maps given by the high
values of the efficiency of power dissipation in combination with the absence of instability regions and
in the same time by the low values of activation energy [1,8,14,29]. In the case of the 5052-aluminum
alloy, Zhou et al. [1] have confirmed that the introduced AEP maps display the suitable and aggravated
forming conditions in comparison with the CHP maps more accurately.

The aim of the presented research is to find a correlation between the efficiency of power dissipation
and the evolution of the activation energy for the case of Cr-Mo low-alloyed steel, and, in addition,
also consider the relation of power dissipation efficiency to the flow stress course. This means the
assembly of the above-mentioned AEP maps (i.e., the combination of CHP and AE maps) and creating
the combination of the CHP maps with flow-stress (FS) maps will be realized. In addition, the relation
of the presence of instability districts in the assembled CHP maps to the AEP maps and FS maps will
be also taken into account.

2. Materials and Methods

2.1. Experimental Procedure

The chemical composition of the investigated Cr-Mo low-alloyed steel is displayed in Table 1.
Cylindrical hot-compression-test samples with the diameter of 10 mm and the length of 15 mm
(prepared by turning) were subjected to the series of uniaxial hot compression tests on the Gleeble 3800
in connection with the Hydrawedge II Mobile Conversion Unit (Dynamic Systems Inc., Poestenkill,
NY, USA) [30].

Table 1. Chemical composition of the investigated Cr-Mo low-alloyed steel in wt%.

C Cr Mo Mn Si Al N

0.29 0.79 0.21 1.20 0.27 0.028 0.0093
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Four strain rates (specifically: 0.02, 0.2, 2, and 20 s−1) in combination with six deformation
temperatures (1043, 1113, 1203, 1303, 1413, and 1553 K) have been tested in the frame of the current
research, when the value of true strain reached to 1.0. Before the compression, each tested specimen
was preheated to a deformation temperature by the heating rate of 5 K·s−1 (performed via direct
electric resistance heating) with the following dwell time of 300 s. The temperature measurement was
always realized on the sample surface in the middle length. This measurement was mediated via a
pair of thermocouple wires (fixed by welding) of the K-type (i.e., Ni–Cr (+) and Ni–Al (−)) and R-type
(Pt–13%Rh (+) and Pt (−)) as regards to the temperatures of 1043 K–1413 K and the temperature of
1553 K, respectively. The testing course was always performed under vacuum in order to prohibit
oxidation processes. Tantalum foils in combination with a nickel-based high-temperature grease were
chosen to protect the anvils and reduce the friction on the sample-anvils interface. The described
experimental procedure resulted in a flow curve dataset expressing the evolution of true flow stress
under the above-mentioned experimental values of true strain, strain rate and deformation temperature.

After the prime evaluation of subsequently assembled CHP-FS and AEP maps, additional
compression tests were performed under various thermomechanical conditions in order to link these
maps with a metallographic observation. The compressed specimens were immediately water-quenched
to fix the structure, thereafter sectioned along the compression axis, mechanically polished, and then
etched (solution of picric acid (50 g) and ferric chloride (5 g) in 100 mL of distilled water) to visualize the
original grain boundaries. An optical microscopy (OM) observation has been subsequently realized by
means of the Olympus GX51 inverted metallurgical microscope (Olympus Corporation, Tokyo, Japan).

2.2. Flow Curve Approximation and Prediction

Since the experimentally obtained flow curve dataset is intended to be used for the creation of
CHP and AEP maps which is associated with the interpolation of the processed data, the approximation
and subsequent prediction processes were applied to augment the input dataset and, thus, increase the
interpolation accuracy.

Based on the previous experiences [6,31–33] and other various studies that have been done in
recent decades (see, e.g., introduction in [31]), the artificial neural network (ANN) approach [34–36]
was found to be appropriate to deal with the current approximation and prediction task. Specifically,
a multi-layer perceptron (MLP) network type with the feed-forward course has been employed in order
to create a functional relationship between the vectors of the independent variables (i.e., true strain, ε (-),
strain rate

.
ε (s−1), and temperature, T (K)) and the vector of the dependent variable (i.e., true flow stress,

σ (MPa). Generally, the functional relationship (MLP architecture) is given by the ad hoc established set
of perceptrons (computational units) [35] which are arranged into one or more hidden layers and one
summary layer, when the perceptrons of adjacent layers are connected via synaptic weights (material
constants), see Figure 1. The detailed description of the ANN approximation background inclusive of
MLP network type can be found, e.g., in [36].

Based on the adaptation procedure (analogical to that utilized in [6]), an ideal MLP-network
architecture was found to be given by two hidden layers, each with eight perceptrons; these hidden
perceptrons were activated via a hyperbolic-tangent sigmoid activation function [37].

Synaptic weights (material constants) were calculated on the basis of the minimization of the mean
squared error [38] of MLP-output residuals (learning procedure). This minimization task has been
solved by the use of the Levenberg–Marquardt algorithm [39–41] in a combination with the Bayesian
regularization [42,43] and the back-propagation of error signal [44]. Note, 12 experimental flow curves
were subjected to the minimization algorithm (training set), while six curves were used to evaluate the
prediction ability during the training course (validation set) and other six curves then served for the
subsequent final prediction evaluation of a trained MLP architecture (testing set)—see Table 2.
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Figure 1. General architecture of the employed multi-layer perceptron (MLP) network.

It should be noted that the input vectors (ε,
.
ε, T) are introduced to the network in a normalized form

(i.e., dimensionless and with the sample standard deviations equal to 1.0). The applied normalization
procedure was analogical to that described previously in [6].

Table 2. Distribution of the temperature and strain rate combinations for the MLP learning purpose.

.
ε (s−1)/T (K) 1553 1413 1303 1203 1113 1043

0.02 train test valid train test train
0.2 valid train train test valid train
2 train valid test train train test

20 test train train valid train valid

Based on the assembled MLP network, flow curve prediction has been realized for five additional
temperatures (1078, 1158, 1253, 1358, and 1483 K) under the experimentally tested strain rate levels.

The entire approximation and prediction procedures have been performed by means of
MATLAB® 9.3 software [45] with the embedded Neural Network Toolbox™ 11.0 (MathWorks®, Natick,
MA, USA) [46].

2.3. Conventional Hot Processing Maps

In the current research, CHP maps of the studied steel were compiled on the basis of the findings
resulting from the Prasad’s dynamic material model (DMM) [20,47,48]. With regard to the hot-formed
workpiece, the DMM discloses a related energy-balance background. Specifically, it deals with
the dissipation of power in the connection with a plastic deformation and associated metallurgical
processes like, e.g., dynamic recovery (DRV) and recrystallization (DRX). On the foreground of the
DMM theory, a dimensionless indicator is utilized to quantify the power dissipation in the wide range
of thermomechanical circumstances, just with the relation to the microstructural changes—known as
the efficiency of power dissipation, η (-, %) [20]:

η =
2 ·m

m + 1
, (1)

where the strain rate sensitivity, m (-), is given as [20]:

m =
∂ ln σ
∂ ln

.
ε

∣∣∣∣∣
T,ε

, (2)

Note that in order to perform this derivation, the relevant ln σ—ln
.
ε data points were extracted from

the combined experimental/predicted flow curve dataset.
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The dependency of the efficiency of power dissipation with respect to the temperature and
strain rate is under specific strains usually graphically expressed in the form of so-called power
dissipation maps. These maps are usually combined with the so-called flow instability maps, when the
superimposition of both map types resulting in the above introduced CHP maps. The presence of
instability is conditioned by the continuum criterion [49,50]:

ξ
( .
ε
)
=
∂ ln
(

m
m+1

)

∂ ln
.
ε

+ m ≤ 0, (3)

where the value of ξ(
.
ε) (-) is known as the flow instability parameter.

2.4. Activation-Energy Maps

As it was mentioned in the introduction, the AEP maps, i.e., the combination of the CHP maps and
the activation energy (AE) maps, can enhance the ability of CHP maps to reveal the potentially unstable
forming conditions since the activation energy has the ability to reflect the difficulty of deformation
course [1]. The creation of the AE maps requires the calculation of activation energy values under all
thermomechanical conditions. In most cases, however, the activation energy is considered to be a
material constant (so-called apparent activation energy) or, at most, strain dependent [21,26,51–54].
In order to deal with the activation energy as a strain, strain rate, and temperature dependent parameter,
the method utilized, e.g., in [55,56] has been employed. Similarly, as in the case of the apparent
activation energy, the calculation is based on the well-known Garofalo’s relationship [57]. With the
use of this relation, the values of the activation energy, Q (ε,

.
ε, T) (J·mol−1), have been calculated as

follows [55,56]:
Q
(
ε,

.
ε, T
)
= R · n(ε, T) ·M

(
ε,

.
ε
)
, (4)

where the R (8.314 J·K−1·mol−1) is the universal gas constant, and the products of the n(ε,T) (-) and
M(ε,

.
ε) (K) parameters are given on the basis of the known values (experimental and predicted via

MLP) of
.
ε, T and σ as follows [55,56]:

n(ε, T) ·M
(
ε,

.
ε
)
=

∂ ln
.
ε

∂ ln
{
sinh[α(ε, T) · σ]}

∣∣∣∣∣∣
ε,T
· ∂ ln

{
sinh[α(ε) · σ]}
∂(1/T)

∣∣∣∣∣∣
ε,

.
ε

, (5)

where the values of the stress multiplier α(ε,T) (MPa−1) were estimated as [55,56]:

α(ε, T) =
∂ ln

.
ε

∂σ

∣∣∣∣∣∣
ε,T

/
∂ ln

.
ε

∂ ln σ

∣∣∣∣∣∣
ε,T

. (6)

Note that α(ε) is the arithmetic mean [58] of the α(ε,T) parameter under different temperatures.
From the practical reasons, the above introduced parameters have been expressed in the form of the
following multivariate polynomials:

M
(
ε,

.
ε
)
=
∑4

i=0
∑4

j=0aij · εi · ln j .
ε, (7)

n(ε, T) =
∑4

i=0
∑4

j=0bij · εi · Tj, (8)

α(ε, T) =
∑4

i=0
∑4

j=0cij · εi · Tj. (9)

The material constants of the polynomials (7)–(9), i.e., aij (-), bij (-) and cij (-) (where i = [0, 4] ⊂
N0 and j = [0, 4] ⊂ N0), have been estimated on the basis of nonlinear least square method via the
Levenberg–Marquardt iterative optimization algorithm [39–41].

137



Materials 2020, 13, 3480

3. Results and Discussion

3.1. Evaluation of the Performed Calculations

In order to evaluate the accuracy of the above performed MLP-approximation, the Pearson’s
correlation coefficient [59], R (-), and the average absolute relative error, AARE (%), have been
calculated—see Equations (10) and (11) [17]. In these equations, the Ti (MPa) and Ai (MPa) represent
the flow stress values of the target (i.e., experimental) and approximated dataset, respectively. i = [1, n]
⊂ N, where n is the number of elements in the flow stress vector. T (MPa) and A (MPa) then embody
the mean values [58] of these vectors.

R =

∑n
i=1

(
Ti − T

)
·
(
Ai −A

)
√∑n

i=1

(
Ti − T

)2 ·∑n
i=1

(
Ai −A

)2 , (10)

AARE =
1
n
·∑n

i=1

∣∣∣∣∣
Ti −Ai

Ti

∣∣∣∣∣ · 100. (11)

As can be seen in Figure 2, both statistical indicators exhibit the favorable values. It is apparent,
the approximated dataset, thanks to the utilized MLP approach, exhibits a good fit with the
experimental one.

Figure 2. Correlation between the experimental and by-MLP approximated flow curve datasets.

The experimental and approximated flow curves are displayed in Figure 3 (see the color curves).
In addition, the gray curves then represent the performed prediction. It can be seen, this graphical
comparison confirms the above achieved statistical observation. It is also noticeable that the predicted
curves fit into the presumed flow stress levels. The presented flow curves show the apparent
manifestation of a DRX course and it is favorable that this characteristic flow stress course could be
modeled via the assembled MLP network.

The calculated material constants of the above-introduced polynomials (7)–(9) are listed in
Tables 3–5 together with the achieved values of the Pearson’s correlation coefficient [59], R (-), Equation
(10). In this equation, in association with the polynomials (7)–(9), Ti (K, -, MPa−1) and Ai (K, -, MPa−1)
represent the target and approximated values of the studied parameters, i.e., M(ε,

.
ε), n(ε, T), and α(ε,T).

i = [1, n] ⊂ N, where, n is the number of elements in the individual parameter vector. T (K, -, MPa−1)
and A (K, -, MPa−1) then embody the mean values [58] of these vectors.
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Figure 3. Experimental, approximated, and predicted flow curves of the examined Cr-Mo low-alloyed
steel. (a) Strain rate of 0.02 s−1; (b) strain rate of 0.2 s−1; (c) strain rate of 2 s−1; (d) strain rate of 20 s−1.
Boxes–experiment; color solid lines–approximation; gray solid lines–prediction.

Table 3. Material constants aij of the polynomial M(ε,
.
ε) (7).

aij Value aij Value aij Value aij Value aij Value

a0,0 8.95 × 103 a1,0 4.73 × 103 a2,0 −3.88 × 103 a3,0 −8.05 × 103 a4,0 1.02 × 104

a0,1 −4.75 × 102 a1,1 −7.10 × 103 a2,1 1.50 × 104 a3,1 −6.14 × 103 a4,1 −3.86 × 103

a0,2 −7.86 × 102 a1,2 −4.11 × 103 a2,2 7.21 × 103 a3,2 1.28 × 103 a4,2 −6.33 × 103

a0,3 9.56 × 101 a1,3 8.54 × 102 a2,3 −1.73 × 103 a3,3 4.16 × 102 a4,3 7.78 × 102

a0,4 5.94 × 101 a1,4 4.24 × 102 a2,4 −8.50 × 102 a3,4 1.72 × 102 a4,4 4.25 × 102

R 0.996611

Table 4. Material constants bij of the polynomial n(ε,T) (8).

bij Value bij Value bij Value bij Value bij Value

b0,0 5.67 × 102 b1,0 6.53 × 102 b2,0 −7.35 × 102 b3,0 2.75 × 102 b4,0 −6.53 × 100

b0,1 −1.71 × 100 b1,1 −1.33 × 100 b2,1 1.30 × 100 b3,1 −3.87 × 10−1 b4,1 0.00 × 100

b0,2 1.97 × 10−3 b1,2 8.70 × 10−4 b2,2 −7.04 × 10−4 b3,2 1.40 × 10−4 b4,2 0.00 × 100

b0,3 −1.01 × 10−6 b1,3 −1.85 × 10−7 b2,3 1.12 × 10−7 b3,3 0.00 × 100 b4,3 0.00 × 100

b0,4 1.93 × 10−10 b1,4 0.00 × 100 b2,4 0.00 × 100 b3,4 0.00 × 100 b4,4 0.00 × 100

R 0.996660
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Table 5. Material constants cij of the polynomial α(ε,T) (9).

cij Value cij Value cij Value cij Value cij Value

c0,0 2.85 × 10−2 c1,0 −2.84 × 10−1 c2,0 2.86 × 10−1 c3,0 −1.06 × 10−1 c4,0 1.58 × 10−2

c0,1 −8.81 × 10−5 c1,1 5.65 × 10−4 c2,1 −4.64 × 10−4 c3,1 1.02 × 10−4 c4,1 0.00 × 100

c0,2 1.32 × 10−7 c1,2 −3.74 × 10−7 c2,2 2.57 × 10−7 c3,2 −3.82 × 10−8 c4,2 0.00 × 100

c0,3 −9.99 × 10−11 c1,3 7.75 × 10−11 c2,3 −3.76 × 10−11 c3,3 0.00 × 100 c4,3 0.00 × 100

c0,4 3.26 × 10−14 c1,4 0.00 × 100 c2,4 0.00 × 100 c3,4 0.00 × 100 c4,4 0.00 × 100

R 0.999562

3.2. Flow Stress Evolution

The experimental and predicted flow curve datasets are expressed together in the form of a
volumetric chart (constructed using MATLAB® 9.3 software (MathWorks®, Natick, MA, USA) [45]),
see Figure 4.

Figure 4. Volumetric expression of the experimental-predicted flow curve datasets of the Cr-Mo
low-alloyed steel. Colors–flow-stress level. (a) Global overview; (b) sliced in the temperature axis;
(c) sliced in the strain rate axis; (d) sliced in the strain axis.

The independent variables, i.e., deformation temperature, strain rate, and true strain are
represented by the x, y, and z axes, respectively. The flow stress values are then embodied by the
3D-color-space matrix. For a better orientation, the volumetric chart is expressed also in the form of
sliced panels along the x, y, and z exes. Predictably, the flow stress level declines with an increasing
deformation temperature and decreasing strain rate. A DRX-like behavior can be observed—with
the increase of strain, the flow stress increases up to a maximum level (strengthening phase) and
then decreases to a steady-state flow (softening phase). In the case of the highest strain rate level
(20 s−1), however, the studied strain range is not enough to undergo through the entire DRX softening
(i.e., reaching the steady-state).
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3.3. Processing Maps

Based on the experimental and predicted flow curve datasets (see Figure 4), the calculations
introduced in Section 2.3 enabled a gain in the η and ξ values of the investigated Cr-Mo steel under
the wide range of thermomechanical conditions. These values have been subsequently expressed
in the form of the above-mentioned CHP maps—see Figure 5a–c. The solid contours marked by
the labels correspond to the percentage values of the power dissipation efficiency (i.e., η, Equation
(1)). The dashed contours then delimit the areas of assumed flow instability (i.e., the ξ-values ≤ 0,
Equation (3)).

Generally, higher η-values are connected with promising thermomechanical conditions. As it was
implied above, the η-values reflect the progress of metallurgical processes (most often the DRV or DRX
softening) under various thermomechanical conditions. The progress of these softening processes,
of course, corresponds also with the changes in the flow-stress level. Since the η-values are calculated
form the flow-stress values, their mutual ability to reflect the dynamic softening progress should,
thus, be evident. In the case of this research, for the purpose of easier comparison, the assembled CHP
maps have been combined with the flow-stress (FS) maps by their mutual superimposing—see the
color background expressing the flow stress evolution (Figure 5a–c).

It is well-known that the purpose of the ξ-values is to reveal potentially aggravated forming
conditions. Nevertheless, as presented in the introduction, the calculated ξ-values do not have to be
sufficient for the revealing of all these unstable conditions. To deal with this issue, Zhou et al. [1]
introduced the above-mentioned activation-energy processing (AEP) maps. The assumption is as
follows: Since the activation energy expresses the difficulty of the deformation course, the Q-values
can be utilized to reveal potentially aggravated forming conditions and thus encourage the results
given by the ξ-values. The AEP maps of the investigated steel, i.e., superimposition of the CHP maps
(Section 2.3) over the AE maps (Section 2.4), are offered in Figure 5d–f. The contours embody the CHP
maps—the same as in the case of Figure 5a–c—however, in this case, the color background corresponds
with the evolution of activation energy. All the above-mentioned maps have been assembled by means
of the Gnuplot 5.2 graphing utility Patchlevel 7 [60].

Based on the gained η-range, the deformation course of the studied material can be associated
with the specific metallurgical processes, e.g., η-range from 30 to 50% is usually attributed to the DRX
course, lower values correspond with the DRV and the η-values above the ca. 60% can have connection
to the superplastic behavior [6,23,24]. In the case of the studied steel, the η-values go beyond the
30% threshold (see Figure 5)—Thus, the softening course is probably mediated via DRX. This is in
accordance with the observations in Figure 3.

It is clear, the η-values increase as the temperature level increases. The obvious η-increase is also
observable with the decrease of strain rate under medium temperature levels. This phenomenon
can be observed also under higher temperatures—however, local η-maximums can be visible at the
highest strain rates (see, e.g., the parabolic η-course under the 1468 K in Figure 5b). The η-increase
is then practically negligible under lower temperatures. Nevertheless, despite of the nuances in
η-

.
ε dependence, it can be said that the η-values generally increase with increasing temperature and

decreasing strain rate. This behavior is closely linked with the softening course. It is understandable
that the higher the temperature and the lower the strain rate, the earlier the DRX-start. In other words,
the η-values represent the intensity of the DRX progress—higher η-values are coupled with a more
progressed DRX course.

The relation between the η-values and DRX course can be observed in optical microscopy (OM)
images (Figure 6). Based on the comparison of Figure 6a,b, it can be seen that microstructure under the
higher temperature is fully recrystallized (see clearly non-elongated grains with distinctly equiaxed
boundaries), which is linked with a higher η-level in Figure 5c,f. Further, Figure 6c,d demonstrates
the growing of recrystallized grains with the decrease in strain rate as the consequence of longer
grain-growth time, which is also linked with a higher η-level. Of course, the grain growth is also
supported by higher temperature levels.
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• Thus, it can be stated, the more progressed the DRX and the larger the grains, the higher the
η-level.

• It is understandable that a larger grain size is not beneficial for the achievement of simultaneous
high strength and high toughness [9,16]. Thus, it seems, too much high η-level does not have to
be connected with the best thermomechanical conditions—at least as regards to the final material
properties. The growing grain size with the increasing η-level has been also observed, e.g., in [1,9].

 
Figure 5. Processing maps of the investigated Cr-Mo low alloyed steel. (a–c) Conventional hot
processing (CHP) maps superimposed by flow-stress (FS) maps; (d–f) activation-energy processing
(AEP) maps. Solid contours with labels—power dissipation efficiency, dashed lines—districts of
metallurgical instability, color background—flow stress evolution in (a–c) or activation energy evolution
in (d–f).

The color background in Figure 5a–c distinctly illustrates the relation between the η-values and
σ-values. It is observable, the η-values have practically an opposite evolution—they are rising as the
σ-values are decreasing (i.e., inverse proportion). Thus, in connection to the flow stress course, higher
η-values refer to deformation conditions which are beneficial form the point of view of lower forming
forces and thus lower energetic consumption and also longer tool life.

The relation between the η-values and Q-values (see Figure 5d–f) is, however, quite different in
comparison to the η-σ course. It is observable, if the temperature is rising, the η-values are increasing
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and Q-values are decreasing (i.e., the inverse proportion). Nevertheless, if the strain rate is rising,
the η-values and Q-values are both decreasing (i.e., direct proportion). Similar Q-evolution has also
been observed in [56].

• Note, the decrease of the Q-values is coupled with the easier deformation course. Specifically,
the decrease of the Q-values with the increasing temperature is linked with the higher kinetic
energy of dislocation movement. The decrease of the Q-values with the increasing strain rate is
then linked with the increasing shear stress, i.e., with the activation of dislocation movement.
A more detailed explanation can be found in [55,56].

 

Figure 6. OM images of samples deformed under the true strain of 1.0. (a) 1043 K/20 s−1, (b) 1553 K/20
s−1, (c) 1553 K/0.02 s−1, (d) 1553 K/20 s−1.

It is discernable, the influence of the strain rate on the Q-values is rather less apparent—linked
mainly with lower temperature levels. The strain rate influence is the most apparent under the
temperature level of 1043 K at the true strain of 0.4 (Figure 5d). The Q-value decreased from 776 to
708 kJ·mol−1 when the strain rate increased from 0.02 to 20 s−1. With respect to the highest temperature
level, i.e., 1553 K, the Q-value decreased from 255 to 233 kJ·mol−1 as the strain rate increased from 0.02
to 20 s−1.

• It is noticeable that this Q-decrease (representing a better deformation course) is in accordance
with the decrease of the grain size due to the increasing strain rate as illustrated in Figure 6c,d.

• The raising of η-values and lowering of Q-values are commonly linked with the achieving of
beneficial thermomechanical conditions. However, as stated above, the generally beneficial
increase of η-values is in the same time coupled with the grain size growing (i.e., with the
reaching of worse strength-toughness combination) because the η-increase is closely linked with
an increasing temperature and decreasing strain rate. On the other hand, the generally beneficial
decrease of Q-values is linked with a grain size growing only at the temperature increase.
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• Nonetheless, the strain rate effect is quite opposite when the true strain achieves the highest level,
i.e., 1.0 (Figure 5f). At the same temperature (specifically 1043 K), the Q-value increased from
699 to 725 kJ·mol−1 as the strain rate increased from 0.02 to 20 s−1. At the highest temperature
level (i.e., 1553 K), the Q-value increased from 263 to 273 kJ·mol−1 as the strain rate increased from
0.02 to 20 s−1. Thus, it seems like that under the higher strains the Q-evolution and η-evolution
become to be inverse proportional even in the case of the strain rate course.

Furthermore, Figure 7 offers a detailed view on the relationship between the calculated values of
activation energy (solid lines) and strain level. This relation is in the same time compared with the
flow stress course (boxes).

 

Figure 7. Correlation between the activation energy and flow stress course. (a) Strain rate of 0.02 s−1;
(b) strain rate of 0.2 s−1; (c) strain rate of 2 s−1; (d) strain rate of 20 s−1. Boxes–experimental flow curves;
solid lines–activation energy evolution.

It is visible that the stage of the σ-increase is under a strain rate of 0.02 s−1 coupled with the
increase of Q (see e.g., 1043 K/0.02 s−1). This Q-course seems to be related to the prevailing work
hardening (i.e., aggravated deformation conditions). The observed Q-increase is then terminated
by the achieving of maximum point with a following gradual decrease. This decrease can be then
considered as the manifestation of the prevailing DRX course (also manifested by the σ-decrease)
which is associated with better deformation conditions. Nevertheless, most of the Q-ε curves start
immediately with a decrease phase regardless to the flow curve peak point. In addition, the decrease
in Q-values is not associated with the following constant phase (equilibrium between the DRX and
work hardening) as is typical for the σ-ε curves. Moreover, the following Q-increase with strain can be
observed in the case of all Q-ε curves. This increase is under higher temperatures and lower strain
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rates followed by another decrease. The observed increase signalizes other aggravation of deformation
conditions although the corresponding σ-ε curves remain in constant phase. This fact can result in
divergences in the prediction of unfavorable conditions via the above-discussed CHP and AEP maps.

In addition, Figure 8 shows the evolution of the parameters which were calculated as an
intermediate step for the activation energy maps assembling.

Figure 8. Evolution of the parameters for the activation energy calculation. (a) Stress multiplier α;
(b) parameter n; (c) parameter M.
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Figure 8a is aimed on the stress multiplier α. It is clear that this parameter is predominantly
influenced by the temperature level and almost independent on the strain course. At first glance it is
clear that the temperature dependence of the α-parameter is opposite in comparison to the temperature
dependence of Q-values (Figure 7). However, the differences in the α-values between the highest and
the lowest temperature levels are almost negligible. With respect to the n-parameter (see Figure 8b),
the temperature and strain dependencies are very similar to those observed in Q-evolution (Figure 7).
The course of the M-parameter (Figure 8c) is then more complicated. It can be seen that the strain
dependency is, in the case of this parameter, strongly influenced by the strain rate level. Small strain
rate values (0.02 and 0.2 s−1) are associated with the most complicated course while the course under
the higher rates seems to be simpler. It seems that this behavior can strongly influence the reaction
of the Q-values on the changes in strain rate level (consider Equation (4)). As observed in Figure 5d,
the Q-values are higher under the lower strain rates at the strain of 0.4, which corresponds with the
observation under the strain of 0.4 in Figure 8c. The situation is opposite in the case of the strain
of 1.0 (Figure 5f). This is also reflected by the M-course in Figure 8c—the M-values of the rates of
2 and 20 s−1 become to be higher. In addition, the complicated M-course is also manifested by the
more complicated form of the polynomial description—compare the values in Table 3 (M-polynomial)
with the values in Table 4 (n-polynomial) and Table 5 (α-polynomial). Table 3 does not contain zero
values unlike the other tables, i.e., the full polynomial form had to be applied to properly describe the
M-course. The complicated M-evolution is also apparent from the surface expression in Figure 8.

Furthermore, the flow instability areas (i.e., ξ-values ≤ 0) bring the information about the potential
presence of metallurgical instabilities which can accompany the deformation course. Based on the
formed material and thermomechanical circumstances, these instability areas can be appeared as the
manifestation of e.g., flow localization, shear bands, Lüders’ bands, kink bands, mechanical twinning,
or cracks [1,6]. In the case of the above presented maps (Figure 5), two areas of metallurgical instability
can be observed:

• As regards to the strain of 0.4, the first instability area (I) is situated in the very small temperature
range of 1043–ca. 1128 K and the strain rate range of 0.02–ca. 0.2 s−1. It is observable, this small
area is growing with the increase of strain—especially towards to higher strain rates. Under the
strain of 1.0, the district (I) covers the temperature range of 1043–ca. 1170 K and the strain rate
range of 0.02–20 s−1.

• Under the strain of 0.4, the second area (II) is located in the wide temperature range of ca.
1086–more than 1298 K and the wide strain rate range of ca. 0.06–20 s−1. This area, however,
is under the higher strains significantly reduced.

• It is observable, as the strain level increase the instability district (II) gives way to district (I).
Practically, both districts are probably the part of the same instability domain.

• It is noticeable, the location of both districts is in the accordance with the thermomechanical
conditions which are connected with the higher values of activation energy, higher flow stress
values and lower values of power dissipation efficiency, i.e., with conditions potentially associated
with an aggravated deformation course.

• Nevertheless, neither the microstructure observation (realized inside of the instability districts
and in a surrounding area) (Figure 9) nor the flow curve course (Figure 3) proves the apparent
manifestation of the typical above-mentioned instability features. Only inclusions and segregations
can be visible as the consequence of the effort to visualize original grain boundaries via
etching procedure (Figure 9). It should be noted that under the constant temperature the
ξ-values are sensitive to the changes in σ-value with the strain rate level. Unfortunately, these
changes can be negatively influenced in the stage of data-acquiring procedure. In addition,
the final processing-map form is influenced by the subsequent data processing, e.g., utilized
surface-interpolation methods. These facts can lead to the overestimation of results and
microstructural observations then should confirm or refute these results.
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Figure 9. OM images of samples deformed under various strains. (a) 0.4/1063 K/15 s−1;
(b) 0.4/1128 K/0.2 s−1; (c) 0.4/1213 K/7 s−1; (d) 0.8/1213 K/7 s−1.

The results have showed that the activation energy maps can be used as a support tool for the
choice of appropriate forming conditions in cooperation with the conventional processing maps.
As stated previously in [1] the main benefit of the AE maps is that they consider the difficulty of the
deformation course. The above discussed correlation issue can enrich the overall awareness regarding
the processing maps theory and can lead to the selecting of more useful forming conditions.

4. Conclusions

For the case of Cr-Mo low-alloyed steel, based on Prasad’s dynamic material model, conventional
hot processing maps, i.e., the maps of power dissipation efficiency (η) combined with the maps of
metallurgical instability (ξ), have been assembled and subsequently superimposed over the maps of
flow stress (σ) evolution and also over the maps of activation energy (Q) evolution.

Two flow curve datasets have been combined to assemble the mentioned maps. The experimental
one has been acquired via a series of uniaxial hot compression tests realized up to the true strain of
1.0 in the temperature range of 1043–1553 K and the strain rate range of 0.02–20 s−1. In order to gain
a higher number of data points inside the experimental matrix, a multi-layer perceptron network
has been assembled, trained, and subsequently utilized to predict the flow stress course under five
additional temperature levels.

Based on the assembled maps, a correlation among the power dissipation efficiency, flow stress
course, and activation energy evolution of the investigated steel has been studied. The basic
presumption is: Higher η-values, lower Q-values, and lower σ-values should be connected with
beneficial thermomechanical conditions. Correlation among these indicators should be natural since
the relation between the flow stress and strain rate is utilized to calculate the η and Q values.
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The η-evolution and σ-course are inversely proportional (the η-increase is connected with the
σ-decrease). This indicates that η-increase is connected with the achieving of lower forming forces and
energy consumption, and also with the progress of the softening course.

The η-evolution and Q-evolution are then proportional inversely with regard to the change in a
temperature level (η-values increase as Q-values decrease). This indicates that Q-evolution and also
η-evolution predict more beneficial conditions under the higher temperature levels. However, except
of higher strains, they are non-unified with respect to the strain rate (both decrease as the strain rate
increase). Thus, in contrast with the η-values, the Q-values predict better conditions under higher
strain rates. Note, higher strain rates are beneficial with respect to the smaller grain size (providing a
better strength-toughness combination).

Furthermore, the assembled processing maps reveal two instability districts. Both districts have
been observed under the lower temperature levels, lower η-values, higher Q-values, and higher
σ-values, i.e., under conditions linked with a harder deformation course.

The obtained findings can contribute to the enrichment of overall awareness about the processing
maps theory, which can lead to the selecting of better forming conditions.
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31. Opěla, P.; Schindler, I.; Kawulok, P.; Kawulok, R.; Rusz, S.; Rodak, K. Hot flow curve description of CuFe2
alloy via different artificial neural network approaches. J. Mater. Eng. Perform. 2019, 28, 4863–4870. [CrossRef]

149



Materials 2020, 13, 3480
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Abstract: The purpose of the present paper is to predict the grain size of steel during the hot-rolling
process. The basis represents a macroscopic simulation system that can cope with temperatures,
stresses and strains of steel in a complete continuous rolling mill, including reversible pre-rolling and
finishing rolling with several tenths of rolling passes. The grain size models, newly introduced in the
present paper, are one-way coupled to the macro-scale calculations performed with the slice model
assumption. Macroscale solution is based on a novel radial basis function collocation method. This
numerical method is truly meshless by involving the space discretization in arbitrarily distributed
nodes without meshing. A new efficient node generation algorithm is implemented in the present
paper and demonstrated for irregular domains of the slice as they appear in different rolling passes.
Multiple grain size prediction models are considered. Grain size prediction models are based on
empirical relations. Austenite grain size at each rolling pass as well as the ferrite grain size at the
end of rolling are predicted in this simulation. It is also shown that based on the rolling schedule, it
is highly likely that recrystallization takes place at each pass throughout a continuous rolling mill.
The simulation system is coded as a user-friendly computer application for industrial use based
on programming language C# and an open source developer platform NET and runs on regular
personal computers the computational time for a typical rolling simulation is usually less than one
hour and can thus be straightforwardly used to optimize the rolling mill design in a reasonable time.

Keywords: meshless methods; radial basis functions; hot rolling; steel; recrystallization; austenite
grain size; ferrite grain size

1. Introduction

In the present paper, the macroscopic simulation system, coping with a complete
continuous rolling mill, including reversible pre-rolling and finishing rolling with several
tenths of rolling passes [1–5], is upgraded to deal with grain size prediction. The main
aim is to calculate, in addition to the temperature and deformation fields, the austenite
grain size at each rolling pass and ferrite grain size at the end. The microscopic grain-size
prediction models are one-way coupled to the macroscopic thermo-mechanical simulation.
A previously developed 2D numerical model [6], based on the slices that allow only plane
strain deformation and are aligned perpendicular to the rolling direction, is used. The
slices on which 2D stresses and temperature fields are computed are illustrated in Figure 1.

Shaping any metal, such as in the hot rolling process, requires consideration of large
plastic deformation. An overview of related multiscale physics is given in the following
paragraphs. The start of this plastic deformation process is triggered when the dislocations
can move inside a grain. This threshold is the yield stress, and its value depends on the
dislocation density. By applying deformation and heat treatment, dislocation density and
the grain sizes face a significant variation.

If the strain rate and temperature are high enough, a different phenomenon, dynamic
recrystallization, occurs. The dynamic recrystallization depends on the critical strain. As a
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result, new grain sizes appear, either partially or fully. However, not all recrystallization
takes place immediately after exceeding the critical strain. After a particular time, meta-
dynamic crystallization may take place.

 

Figure 1. Scheme of slice model used in the macroscopic rolling simulations. A(t) is area, v(t) is
velocity and z(t) is position.

When the deformation is small, or there is no deformation, a softening process may
occur due to sufficient time at high temperatures. The softening can again lead to partial
or complete static recrystallization. Static recrystallization usually leads to larger grains
with higher temperatures [7]. The stored energy in a material is proportional to the defect
density. Therefore, an increase in grain size decreases the total grain boundary area and as
a result, the stored energy is reduced.

The numerical prediction of grain size constitutes an essential aspect of microstructure
studies [8]. Smaller grains may be desired since they lead to higher strength because it is
harder for dislocations to pass over the grain boundaries during plastic deformation. Or
the other way around for the ductility. The steel industry needs to predict the mechanical
properties of their final product, which is only possible with the microstructure analysis [9].

In this paper, multiple grain size prediction models [10–17] were coupled with the
macroscopic rolling simulation system. The basis of the micro-scale simulation used in
the present paper is based on the model predicted by Hodgson and Gibbs [10] with minor
adjustments. Multiple grain size prediction models for different types of steels were
gathered. These models consist of empirical correlations to determine the critical strain and
grain size after meta-dynamic, dynamic or static recrystallization. All the necessary input
data for these models were obtained from the macroscopic 2D slice model results. Checking
for possible recrystallization type and predicting the corresponding austenite grain size was
performed immediately after obtaining the macroscopic results for each slice. After the hot
rolling process was completed, the rolled steel was still hot and considered mainly in the
austenite phase. Based on the models found in the literature, ferrite grain size prediction
could be made as a function of the cooling process. Ferrite transformation temperature is
calculated based on the material composition, and in the simulations, the steel is cooled
down just below that transformation temperature. The discussion of how to implement the
microscopic models can be found in textbooks [1,9]. Since it was not possible to obtain all
the correlations for each steel grade separately for all the micro-scale simulation sections,
a combination of those relations for various steel types were gathered and also applied.
This was just to show that in this way, both macro and micro simulation results of hot
rolling could be obtained easily by using a single meshless simulator. A specific model was
used for each sub-section of micro simulation, but the necessary parameters were material
dependent, and they could also be user-defined. In the results section, the first macro scale
simulation results by using 16MnCrS steel were given. Later the same results were used as
inputs for multiple micro-scale simulations. Comparison of different grain size prediction
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models were shown to distinguish the behaviour of each model. Each collocation point in
a computational domain represents a small area with a uniform grain structure.

Over the years, a comprehensive rolling simulation system has been developed for in-
dustrial use. The supporting steel factory provides rolling schedules in use, and macro-scale
simulations have been up to now run by a successful macroscopic hot rolling simulation sys-
tem [18]. The meshless solution of the macro-scale deformation was chosen here since it is
very straightforward to distribute collation nodes over a computational domain. Therefore,
it was easy to implement numerically and also did not require any background integration.
Meshless methods were multiple times proven to solve thermal [19] and mechanical [20]
problems efficiently and accurately. Recently, micro-scale simulation capabilities based on
empirical relations found in the literature were added, and a one-way coupling between
macro and micro-scale models was formed. The motivation for the present research was un-
derstanding and simulating the material behaviour in between the passes, which is usually
ignored during a multi-pass rolling. In the majority of the simulations, the initial material
definition was used throughout the simulation regardless of the number of deformation
steps, time and temperature. This work clearly shows the possibility of recrystallization at
each pass separately during hot rolling and how much the material properties may change,
based on the change of the grain size.

In the present paper, the possibility of complete or partial recrystallization is modelled.
This makes more realistic the assumption of complete recrystallization at each roll pass, as
assumed in some publications [17]. Furthermore, the effects of the chemical composition of
the steel billet on its macro response and grain structure are also investigated.

2. Materials and Methods

It is pointed out by Sellars [8] that the experimental tests or industrial trials are
not enough to understand all the details of the hot rolling process since it is impossible
to control or monitor all the parameters of rolling in industrial conditions and even in
laboratory conditions. Therefore, the best solution suggested by Sellars [14] is combining
the numerical simulations with empirical models based on experiments. A macro-scale
numerical prediction of the deformation of steel with heat transfer during hot rolling has
been previously developed [6,18]. To achieve the microstructure evolution just as described
in Figure 2, we need to know the initial grain configuration and empirical models that
depend on the involved steel grade.

 

Figure 2. Picture of one-way macro-micro coupling.

2.1. Macro Scale Solution

Thermo-mechanical simulation of rolling is based on 2D slices aligned towards the
rolling direction. The slices were simulated one after another, and both thermal and
mechanical models were solved in a coupled way
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LTσ+ b = 0, (1)

ρcp
∂T
∂t

= ∇ · (k∇T) +
.

Q, (2)

where L,σ, b are derivative operator matrix, stress vector and body force vector, respec-
tively. ρ, cp, T, k,

.
Q stand for the density, specific heat, temperature, thermal conductivity

and internal heat generation, respectively. The meshless numerical procedure is based on
the interpolation of an unknown field θ(p) at position p = pxix + pyiy, interpolated with
radial basis shape functions ψ(p) over seven neighbouring nodes (N) as shown in Figure 3,

θ(p) =
N

∑
i=1

ψi(p)αi, (3)

where αi are the collocation coefficients that need to be determined. The partial derivatives
of the unknown field can be calculated as

∂θ(p)

∂xj
=

N

∑
i=1

∂ψi(p)

∂xj
αi. (4)

 

Figure 3. Scheme of the domain Ω and boundary Γ discretization with indicated local influence
domains consisting of 7 node and for each central node in an influence domain is marked in blue.

The temperature in the thermal model and the mechanical model’s displacement field
are interpolated with the multi-quadric (MQ) radial basis functions (RBF). The details of
the solution of these two models have been previously published in [21].

The boundary condition for the thermal model is of the Robin type,

− k
∂T
∂nΓ

= h
(

T − Tre f
)

. (5)

where k is thermal conductivity, nΓ is unit normal vector on the surface, h is heat transfer
coefficient, and Tre f is the reference temperature. The majority of complications during
simulation usually appear at the contact boundaries between the strand and the groove.
The heat flux there becomes very high in comparison with the non-contact boundaries. At
the contact boundaries, Tre f is considered as the roll’s surface temperature. The boundary
conditions for the mechanical model are described both with the prescribed traction (τ)
and the prescribed displacement (u)

τ = −μp, u = u, (6)

where μ is the coefficient of friction, p is stress acting on the boundary, and u is the dis-
placement. In some rare cases, when the groove surface has a unique geometry, prescribed
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traction boundary condition may not be appropriately satisfied, and might lead to er-
roneous results. To overcome this issue, during the calculation step at first contact, an
artificially sticking boundary condition was applied to some of the boundary points. This
resulted in no relative motion between the roll surface and the boundary in one calcula-
tion step. Later all the boundary nodes received proper boundary conditions defined in
Equation (6) as schematically seen in Figure 4.

 

Figure 4. Boundary nodes during contact with groove surface and applied boundary conditions.

Interpolating an unknown field with regular node distribution over a rectangular
domain works perfectly with meshless Local Radial basis Function Collocation Method
(LRBFCM) and is also easy to implement numerically. However, severe deformation
simulations, such as rolling or forging, require redistribution of the computational nodes.
In other words, a solution with the regular node distribution becomes impossible in large
deformations. An essential advantage of the LRBFCM is that it gives stable results also
with scattered node distribution. A comparison of the results is shown later in this paper
where a rectangular domain is interpolated with regular and scattered node distribution.

LRBFCM interpolates the temperature field in the thermal model, and the governing
equation is solved through explicit time stepping. The time step is chosen as 1 ms. The
nodes of the mechanical and thermal models coincide. The solution is obtained through
local interpolation for each influence domain without creating a global matrix. In the
mechanical model, interpolation of displacement filed over each local influence domain can
be assembled into a global solution matrix (A) by replacing the local collocation coefficients
with the inverse of the local interpolation matrix and the local displacement vector. Hence,
the system of equations can be written in the following form

AU = B, (7)

and solved for global column matrix of displacements U =
[
ux1, uy1, . . . . . . , uxN , uyN

]T
with the size of two times the number of collocation nodes (2N). The adjacent vector B

includes the boundary values. As a result of the nonlinear material model of steel, the
solution matrix A depends on the current state of displacements. The solution can only be
achieved iteratively. In this paper, a direct iteration method was chosen due to its simplicity
and to avoid assembling the Jacobian matrix. The local solution of the system of equations
leads to a sparse matrix A, and with the help of the Intel math kernel library [22], it can be
solved efficiently by direct iteration with iteration index j.

A
(

Uj
)

Uj+1 = B, (8)
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2.2. Micro Scale Solution

In the present work, the critical strain, the time for dynamic, meta-dynamic or static
recrystallization and the grain sizes after different types of recrystallization implemented
through a sequence of different empirical models. It is assumed that each collocation point
in a computational domain represents a small area with a uniform grain structure. Grain
size prediction models were obtained for the austenite phase. Solution steps were adopted
from Hodgson and Gibbs [10], as shown in Figure 5.

 

Figure 5. Scheme of the multiscale rolling simulation system. Micro-scale simulation steps are circled
with red.

2.2.1. Critical Strain

The micro-scale modelling starts by checking first if the strain field in some of the
points, some of the sub-areas or globally exceeds the critical strain value (εc)

εc = Ac

(
.
ε exp

Qd
RT

)
︸ ︷︷ ︸

Z

p
Dq, (9)

where Z denotes the Zener–Hollomon parameter (s−1), used in a multitude of empiri-
cal relations,

.
ε is strain rate, Qd is activation energy (J/mol K), R is ideal gas constant

8.314 J/mol K, T is temperature in Kelvin and D is the initial austenite grain size diameter.
The coefficients in Equation (9) for different steel grades are listed in Table 1. The dynamic
or meta-dynamic recrystallization is triggered at the points where the critical strain value
is exceeded. This can occur locally or on the global scale of the domain.
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Table 1. Parameters used in the critical strain definition for carbon–manganese steel in [11,12,14] and
low carbon steel in [13].

Coefficients [11] [12] [13] [14]

Ac 6.82 × 10−4 4.76 × 10−4 4.9 × 10−4 4.9 × 10−4

Qd 312,000 66,500 300,000 312,000

p 0.13 0 0.17 0.15

q 0 0 0.3 1

2.2.2. Dynamic Recrystallization

The dynamic recrystallization (DRX) occurs when the critical strain is reached, but
time is not long enough for meta-dynamic recrystallization. The grain size is predicted
from the following equation

DDRX = AdZr, (10)

The coefficients of Equation (10) are defined in Table 2 below.

Table 2. Parameters used in the grain size equation for dynamic recrystallization of carbon–
manganese steel.

Coefficients [10] [12] [14] [16]

Ad 16,000 22,600 1800 16,000

r −0.23 −0.27 −0.15 −0.23

Qd 312,000 267,100 312,000 300,000

2.2.3. Meta-Dynamic Recrystallization

The meta-dynamic crystallization is also called post dynamic recrystallization. Its
effect on the grain size is similar to the dynamic recrystallization; however, there is a
time-based criterion that includes strain rate. In this paper, the following definition is
used [15],

tMDRX = 1.166ε−0.8, (11)

as developed by Manohar et al. If the current time t at any deformation step exceeds the
criterion (t > tMDRX), it is considered that the meta-dynamic recrystallization (MDRX)
occurs. If this is the case, the grain sizes must be recalculated from the following equation,

DMDRX = AmZr. (12)

The grain size prediction model for the meta-dynamic and dynamic recrystallization
is the same, but the coefficients are different. The constants of Equation (12) are defined in
Table 3 below.

Table 3. Parameters used in the grain size equation for meta-dynamic recrystallization of carbon–
manganese steel [10,14,16], and low carbon steel [10].

Coefficients [10] [13] [14] [16]

Am 26,000 25,000 1600 26,000

r −0.23 −0.23 −0.11 −0.23

Qd 312,000 312,000 312,000 300,000
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2.2.4. Static Recrystallization

There is a time criterion for static recrystallization (SRX) to occur, and in this paper, a
model defined by Zhang et al. [16] for high carbon steel is used. It has the following form,

tSRX = 1.944 × 10−4ε−1.0D0.6
0

(
3.6

.
ε

)0.28
exp
(

6900
RT

)
. (13)

when the time during the simulation is larger than (t > tSRX) then, static recrystallization
may be expected. The grain size after the recrystallization is obtained from

DSRX = AsεmDr
0 (14)

The coefficients for Equation (14) are defined in Table 4.

Table 4. Parameters used in the grain size prediction model when static recrystallization takes
place. These parameters are obtained by Zhang [16] for high carbon steel and Sellars [8] for carbon
manganese steel.

Coefficients [13] [7]

As 0.5 1

m −0.67 −0.5

r 0.67 0.4

2.2.5. Grain Growth

After complete recrystallization, the grains will grow until the next partial or complete
recrystallization. In the present paper, the following grain growth model to calculate the
new grain size is considered for three types of steel.

DGG0 = Dn
0 + kst exp

(
QGG
RT

)
. (15)

The coefficients for Equation (15) are defined in Table 5.

Table 5. Parameters used in the grain growth calculation when complete recrystallization takes place.
These parameters were obtained by Hodgson and Gibbs [10] for three types of steel.

Coefficients C-Mn-V C-Mn-Ti C-Mn-Nb

n 7 10 4.5

ks 1.45 × 1027 2.6 × 1028 4.1 × 1028

QGG −400 −437 −435

2.2.6. No-Recrystallization Temperature

It is known from the experiments that recrystallization may not occur every time, even
though the conditions are met. This limitation comes from the temperature value. If it is
below a certain value (Tnr), recrystallization will not take place. This temperature value is
defined from the following equation given in [23]

Tnr = Anεm .
ε

ntk, (16)

where An = 905, m = −0.045, n = −0.006, k = −0.024 and t is the time in seconds. These
values are for high strength low alloy steel, experimentally obtained in [24]. The time in
Equation (16) is accounted for only during the deformation process.
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2.2.7. Ferrite Grain Size Prediction

After the steel leaves the last rolling stand, it is cooled in a controlled way at the cooling
bed. During the cooling process the austenite phase transforms into ferrite and perlite,
especially for C-Mn steels. In this paper, only the ferrite transformation is considered,
and the temperature at which the transformation occurs is called Ferrite Transformation
Temperature (FTT). (FTT) for any type of steel in ◦C is calculated based on the following
equation given in [25]:

TFTT = 910 − 310[%C]− 80[%Mn]− 20[%Cu]− 15[%Cr]− 80[%Mo]− [%Ni]. (17)

The steel has to cool down until the maximum temperature goes below the FTT, and
with that specific cooling rate at that temperature, the ferrite grain size can be predicted
based on the following equation.

D0
F =

(
α0 + α1Ceq

)
+
(
α3 + α4Ceq

) .
T
−0.5

+ α4(1 − exp(α5DA)). (18)

The necessary coefficients are defined in Table 6. It is important here not to ignore the
residual strain (εr) which has an impact on reducing the ferrite grain size. If complete
recrystallization occurred at each roll pass, the residual strains were obtained only from
the last rolling stand. The following model by Sellars and Beynon [26] is considered in the
simulations to calculate the final ferrite grain size.

DF = D0
F(1 − 0.45

√
εr). (19)

Table 6. Parameters used to calculate ferrite grain size for C-Mn steel.

Coefficients [10] (%C) + (%Mn)/6 > 0.35 [10] (%C) + (%Mn)/6 < 0.35 [26] C-Mn-Ti

α0 −0.4 22.6 1.4

α1 6.37 −57 0

α2 24.2 3 5

α3 −59 0 0

α4 22 22 22

α5 0.015 0.015 0.015

2.3. Coupling of Micro and Macro Models

Macro-scale simulation is followed by micro-scale simulation for each slice at a time
except for the final ferrite grain size, which is calculated at the end. The major steps of the
macro and micro-simulation steps and the coupling between them can be seen in Figure 5.
The results were visualized for each slice, in particular at the exit from each rolling stand.
The temperature, strain and strain rate fields are the inputs of the micro-scale model and
were obtained from the macro-scale simulation results. This solution procedure represents
a one way coupled system. When the simulation is completed, switching between or
rearranging the micro-scale models and recalculating them is possible. Each micro-scale
simulation took a few seconds. It was unnecessary to rerun the macro-scale simulation,
which is time-consuming, to make a sensitivity study with different micro-scale model
parameters. It was also possible to add entirely new micro-scale correlations into the
database. There are two different ways of visualization of the micro-scale results. First
is the type of recrystallization to see if it is partial or complete and when it happens.
The second outcome is the grain size at each slice position, scaled from the minimum to
the maximum.
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3. Node Positioning

After the continuous casting in a typical steel production line, the strand proceeds to a
reheating furnace to remove the cast dendritic structures and homogenize most alloying
elements [2]. The strand afterwards deforms in the reversing rolling mill to obtain the
desired pre-shape for the continuous rolling mill. The initial rectangular shape for the
finishing rolling was not a perfect rectangle, but it had curved corners. We obtained the
proper initial shape for use in the finishing rolling by using the reversing rolling mill
simulation results. The regular node distribution was straightforward to generate and
effective for the perfect rectangular shape. However, the regularly distributed nodes did
not correctly provide the appropriate results near the curved edges.

Most of the rolling schedules used in the simulations may be categorized into two
groups when rolling the billets. In the first group, oval grooves were used to achieve
more oval or round-shaped forms. In the second group, primarily flat rolls were used
to get more slab-like shapes. Regular node distribution was adequate for most of the
slab simulations; however, regular nodes faced stability issues for a schedule that turns a
rectangular billet into a round bar. Previously we used an Elliptic Node Generation (ENG)
algorithm [27,28] for positioning the nodes in the domains with curved boundaries. This
algorithm successfully maps a rectangular shape to an arbitrary shape with four sides and
ensures high orthogonality. The downside of this method represents a mapped corner. This
corner is potentially most tricky during any interpolation, just like in a rectangular domain.
However, if we use an irregular node arrangement, this corner complexity will be lost
completely. This provides a much more extensive deformation range with stable results.

3.1. Regular vs. Irregular Node Positioning

A fast, irregular node generation algorithm [29] is numerically implemented in the
rolling simulation system. Additionally, the first row of internal points, just next to the
boundaries, is aligned in the opposite direction of the unit normal of the nearest bound-
ary point.

3.2. Node Repelling Algorithm

Due to the different texture of internal points near the boundaries and the rest of
the internal points, an iterative node adjustment algorithm was used. In this way, the
neighbouring nodes have a more uniform distance to the central nodes. The adjustment is
based on a node repelling algorithm. The vector component of displacement Δui, due to
repelling, is defined as

Δui = C
Nmax

∑
j=1

s
pi − pj

i(
‖pi − pj

i‖
)n . (20)

C is a smoothing factor usually taken between 0 and 1. The higher the node density, the
smaller it should be. In this paper it is taken as (1/6). s is also a similar factor taken as 1,
and reduced to 0.8 when at least one neighbouring point is located at a boundary. NMAX is
a maximum number of the nearest nodes to consider without the boundary nodes. It was
taken as 45 during the first iteration, and it was slowly reduced in each iteration until it
reached seven nodes inside an influence domain.

4. Numerical Results

In this section, multiple numerical results from the represented multiscale rolling
simulation system (Institute of metals and technology, version 7.6.4, Ljubljana, Slovenia)
are illustrated. Macro-scale results are compared with regular and irregular collocation
nodes and also compared with Finite Element Method (FEM) results. Later, an actual
rolling schedule which consists of eight rolling stands, is applied. Micro-scale results are
demonstrated in terms of grain size and recrystallization throughout the rolling schedule.
The necessary values and definitions are given in Table 7.
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Table 7. Parameters used in the rolling simulation.

General Data

Initial size of the slab 60.48 × 60.48 mm

Initial temperature field of the slab 1100 ◦C

Entry velocity towards the rolling direction 760 mm/s

Coefficient of friction 0.15

Initial grain size 10 μm

Material Model

σ
(

ε,
.
ε, T
)
= 589ε0.214

.
ε
0.2

exp
(

38,000
RT

)
MPa, for 16MnCr5 alloyed steel

Thermal Model

Thermal conductivity 29 W/mmK

Specific heat 630 J/KgK

Density 7450 kg/m3

Heat transfer coefficient to air 20 W/m2K

Heat transfer coefficient to roll 10,000 W/m2K

Roll surface temperature 600 ◦C

Groove and Roll Data

Roll radii 230 mm

Roll gaps 34.5–26.5–118–22.5–112–20–107.4–18.2 (mm)

Groove geometries
(H-horizontal, V-vertical)

flat (H)—flat (H)—oval box (V)—flat (H)—flat
box (V)—flat (H)—flat box (V)—flat (H)

Distance between rolling stands 3 m (for the first five rolling stands), 4.5 m
(after the fifth rolling stand).

4.1. Regular vs. Irregular Node Positioning—Slab

An initial slab with 217 × 45 mm2 is flat-rolled into 34.5 mm height. The material is
elastic with Young’s modulus 106 Pa and Poisson’s ratio 0.35. A regular node distribution
with 546 nodes and irregular with 571 nodes are used, as shown in Figure 6. The deformation
is calculated in 11 steps in both cases, and the coefficient of friction is taken as 0.1.

  

Figure 6. Comparison of different initial node arrangements. Regular node distribution (left), irregular node distribution
(right). Av. Temp. stands for average temperature.
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The results in terms of effective strain can be seen in Figure 7. The results are almost
identical; therefore, for a slab that undergoes the flat rolling, irregular node generation has
no distinct benefit.

 

 

Figure 7. Comparison of effective strain fields after 10.5 mm of reduction. Av. Temp. stands for
average temperature.

4.2. Regular vs. Irregular Node Distribution—Real Shape

More distinct differences occur when starting from an initial shape with curved
corners, as obtained from the reversing rolling mill. The node arrangement is kept regular
with ENG [28] and irregular with the algorithm [29], as shown in Figure 8. The regular and
irregular node distributions involve 396 and 400 nodes, respectively.
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Figure 8. Irregular nodes (left) and regular nodes with mapping (right). Av. Temp. stands for average temperature.

The instability issue at the edge of the first contact is still carried out until the end
of the simulation in the regular node arrangement. In Figure 9, it is shown that irregular
node arrangement made a better interpolation when the boundary shape diverges from
regular (rectangular) geometry. Smoothed corners created problems with regular node
arrangement. Comparing with FEM results in Figure 9c, the overshoot near the corner
in Figure 9b is very clear. However, this can be overcome by using an irregular node
arrangement where the corner information is completely lost as shown in Figure 9a.

  
(a) (b) 

 
(c) 

Figure 9. Comparison of simulated effective strain fields. Irregular nodes (a), regular nodes with mapping (b) and FEM
results (c). The results of all three simulations are practically the same: (a) 70.23 mm, (b) 70.12 mm, (c) 70.15 mm. Av. Temp.
stands for average temperature.
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4.3. Irregular Meshless Node Distribution vs. FEM

The same flat rolling example as in Section 4.1 is chosen here with an ideal plastic
material model. Effective stress–effective strain relation is σ = 589ε0.2. A comparison is
made with FEM code [30], and a good agreement is found. An example of a shear strain
comparison is given in Figure 10 below. As expected, a good agreement has been found
between the meshless results with irregular node arrangement and FEM.

 
(a) 

 
(b) 

Figure 10. Comparison of strain fields. Meshless solution with irregular node arrangement is on top, FEM solution is shown
at the bottom. The results of both calculations are almost the same: (a) 233.52 mm, (b) 233.48 mm. Av. Temp. stands for
average temperature.
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4.4. Rolling Schedule with Eight Rolling Stands

In this section, a rolling schedule from the industry with specific grooves are shown in
Figure 11 The same was used in all subsequent simulations. The initial size of the billet was
60.48 by 60.48 mm, where the corners are rounded with a radius of 11 mm. An irregular
node distribution, the same as demonstrated in Section 4.2, is used. This rolling schedule
aimed to obtain a 45 × 30 mm2 end shape within a half millimetre error range.

  
(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 11. Cont.
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(g) (h) 

Figure 11. Demonstration of the roll shapes of each of the roll passes of an 8-roll rolling schedule. (a) first roll pass,
(b) second roll pass, (c) third roll pass, (d) forth roll pass, (e) fifth roll pass, (f) sixth roll pass, (g) seventh roll pass, (h) eighth
roll pass. Axis inc. is the length of axis increments.

4.4.1. Effective Strain Results

Effective strain and temperature fields are the most critical inputs of the micro-scale
models. The corresponding position and time of each slice have to be known throughout the
simulation. Figure 12 represents the effective strain result of slices positioned at the exit of
each roll pass. These results have shown the total effective strain through each of the rolling
passes. Therefore these fields contain the highest possible values for each pass. These
results are also crucial since they have a significant impact on the micro-scale simulation.

  
(a) (b) 

Figure 12. Cont.
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(c) (d) 

 
 

(e) (f) 

  
(g) (h) 

Figure 12. Simulation results of effective strain at the exit of each roll pass. (a) at first roll pass, (b) at second roll pass, (c) at
third roll pass, (d) at forth roll pass, (e) at fifth roll pass, (f) at sixth roll pass, (g) at seventh roll pass, (h) at eighth roll pass.
Axis inc. is the length of axis increments. Av. Temp. stands for average temperature.
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4.4.2. Recrystallization Results at Each Pass

In the simulations, the deformation occurred so rapidly that the time for meta-dynamic
or static recrystallization was never reached. However, at each pass, soon after the first
contact, a complete dynamic recrystallization was always achieved except for the model
developed by Yada [12]. In that model, the dynamic recrystallization was partial at each
pass. To contrast, the results obtained by Yada’s model are shown in Figure 13. In the three
other models, there was always complete dynamic recrystallization.

  
(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 13. Cont.
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(g) (h) 

Figure 13. Recrystallization based on the model given by Yada [12] at the exit of each roll pass. (a) at first roll pass, (b) at
second roll pass, (c) at third roll pass, (d) at forth roll pass, (e) at fifth roll pass, (f) at sixth roll pass, (g) at seventh roll pass,
(h) at eighth roll pass. Possible recrystallization types are dynamic (DRX), meta-dynamic (MDRX) and static (SRX). Axis inc.
is the length of axis increments and Av. Temps stands for average temperature.

4.4.3. Recrystallization Results at Each Pass with Yada Model

The results of partial dynamic recrystallization obtained by the rolling simulation
system are shown in Figure 13 for slices at each roll pass’s exit.

4.4.4. Grain Size Comparisons of Different Models

A rolling schedule is used as described in Section 4.4 and Figure 11. Grain size
simulation results based on the model by Sellars and Whiteman [14] is shown in Figure 14.
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Figure 14. Simulation of maximum and minimum grain size based on the model by Sellars and Whiteman [14].

The model by Yada [12] is shown in Figure 15, the model by Manohar, et al. [15] is
shown in Figure 16 and the model by Hodgson and Gibbs [10] is shown in Figure 17. The
grain growth model is obtained in [10]. In micro-scale simulations, each collocation point
in a computational domain represents a small area with a uniform grain structure.
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Figure 15. Simulation of maximum and minimum grain size based on the model by Yada [12].
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Figure 16. Simulation of maximum and minimum grain size based on the model by Manohar et al. [15].
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Figure 17. Simulation of maximum and minimum grain size based on the model by Hodgson and Gibbs [10].
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4.4.5. Ferrite Grain Size for 16MnCr5

For the calculation of the final grain size in the ferrite phase, 16MnCr5 steel is con-
sidered. This steel grade has 0.16% carbon, 1.15% manganese and 0.95% chromium. The
ferrite transformation temperature is based on the model given by Hodgson and Gibbs,
calculated as 754.15 ◦C, and the user interface is displayed in Figure 18. The real-time
cooling to below FTT took 14 min; however, the computational time took twice as long.
The final ferrite grain size and comparison between the two models is shown in Figure 19.
A strong dependence on residual strain on the ferrite grain size is observed.

 

Figure 18. Ferrite transformation temperature used in the simulations based on the chemical compo-
sition of the steel.

  

Figure 19. Comparison of final ferrite grain size based on the models given by Sellars and Whiteman (left) and Hodgson
and Gibbs (right). Axis inc. is the length of the axis increments. Av. Temp. stands for average temperature. Vel. Inc. is the
increase of the slab’s velocity towards the rolling direction. Slab. Len. Is the length of the rolled slab. LYS is the lower yields
stress and UTS is the ultimate tensile strength.

4.4.6. No Recrystallization Temperature

Based on the model expressed by Yang, et al. [24], no-recrystallization temperatures
are calculated and compared with minimum and average temperature values for each
slice position through the rolling simulation. The result is shown in Figure 20 below, and
it is clear that for hot rolling at 1100 ◦C, the temperature of steel was always above the
no-recrystallization temperature.
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Figure 20. Comparison of estimated no-recrystallization temperature values at each rolling pass with the average and the
minimum temperature values.

The positions of roll passes which are used in Figures 14–17 and 20 are given in Table 8
below. The origin of this coordinate (z = 0) is considered to be the initial slice’s position.

Table 8. Positions of centres of each roll along the rolling direction with reference to the initial slice position.

Passes 1 2 3 4 5 6 7 8

Position on rolling
direction (mm) 500 3500 6100 9700 13,300 20,800 25,300 29,800

5. Discussion

Micro-scale calculations are based on a multitude of empirical correlations obtained
from the experiments in the last four decades. The simulation system is capable of checking
for meta-dynamic, dynamic or static recrystallization. When recrystallization occurs, a new
grain size is calculated. If there is a full recrystallization, grain growth will start. At the end
of rolling, cooling is simulated with the thermal model until it reaches the ferrite transfor-
mation temperature. The simulation ends with ferrite grain size prediction. A comparison
of different models based on maximum and minimum grain sizes is shown. The accuracy
of those results are limited to the accuracy of the input data which is simulated by the
macro-scale model and the accuracy of the empirical micro-scale models. It is known from
the industrial user experience that the accuracy of the macro-scale results is highly satisfac-
tory. Therefore, if the empirical models are based on enough experiments, the expected
grain-related results should be between the maximum and minimum simulated values.

Another outcome of this research is to be able to come up with new grain size predic-
tion models in the future. This is why all the definitions are implemented as user-defined
functions. Numerous additional experimental results are needed to obtain this goal.

The simulation system is currently limited to austenite and ferrite grain size predic-
tions and assumes only one phase at a time. This will be improved in the future with
multiple initial phase definitions and phase transformation criteria. The micro-scale models
are also limited to the adequacy of those coefficients used. All the necessary coefficients
for each steel type may not be found. It is a long and complicated experimental process
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to define all those parameters by analyzing numerous grain size data obtained by either
using electron microscope [31] or ultrasound [32].

6. Conclusions

In the present paper, a rolling simulation system capable of predicting the grain
structure is described. First, a macroscopic thermo-mechanical simulation is performed,
based on a 2D solution over each cross-sectional slice. Displacement, strain, stress and
temperature fields are calculated considering the defined process parameters (rolling
schedule), heat transfer and material properties. The solution is achieved through a truly
meshless radial basis function collocation method. A new irregular node generation
algorithm is used, which is shown, by FEM comparison, to perform better on irregular
domains. This method requires only the distribution of collocation nodes over a domain,
without classical meshing. It is possible to represent the complex domain shapes more
accurately with the irregular node distribution as with the regular node distribution. Due
to the high possibility of recrystallization at each pass, strain filed during the last rolling
stand leads to relatively smaller ferrite grain size. It was shown in the simulations that
dynamic recrystallization always took place at each roll pass. Meta-dynamic and static
recrystallizations did not occur due to time restrictions. It was also expressed that no-
recrystallization temperatures most probably does not stop recrystallization during hot
rolling of steel above 1100 ◦C. A list of all the correlations used in this paper may be found
in Appendix A.
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Appendix A

C-Mn Low C High C C-Mn-V C-Mn-Ti C-Mn-Nb HSLA

Critical
strain

A 6.82 × 10−4 4.76 × 10−4 4.9 × 10−4 4.9 × 10−4

Qd 312,000 66,500 312,000 300,000

p 0.13 0 0.15 0.17

q 0 0 1 0.3

Dynamic
recrystal-
lization

A 16,000 22,600 1800 16,000

r −0.23 −0.27 −0.15 −0.23

Qd 312,000 267,100 312,000 300,000

Meta-
dynamic
recrystal-
lization

A 26,000 1600 26,000 25,000

r −0.23 −0.11 −0.23 −0.23

Qd 312,000 312,000 300,000 312,000

Static
recrystal-
lization

A 1 0.5

m −0.5 −0.67

r 0.4 0.67

Grain
growth

m 7 10 4.5

ks 1.45 × 1027 2.6 × 1028 4.1 × 1028

QGG −400 −437 −435

No-
recrystall-

ization
tempera-

ture

A 905

m −0.045

n −0.006

k 0.024
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C-Mn Low C High C C-Mn-V C-Mn-Ti C-Mn-Nb HSLA

Ferrite
grain size

α0 −0.4 22.6 1.4

α1 6.37 −57 0

α2 24.2 3 5

α3 −59 0 0

α4 22 22 22
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Abstract: In this work, a 6-pass hot-rolling process followed by air cooling is studied by means of
a coupled multi-scale simulation approach. The finite element method (FEM) is utilized to obtain
macroscale thermomechanical parameters including temperature and strain rate. The microstructure
evolution during the recrystallization and austenite (γ) to ferrite (α) transformation is simulated
by a mesoscale cellular automaton (CA) model. The solute drag effect is included in the CA model
to take into account the influence of manganese on the γ/α interface migration. The driving force
for α-phase nucleation and growth also involves the contribution of the deformation stored energy
inherited from hot-rolling. The simulation renders a clear visualization of the evolving grain structure
during a multi-pass hot-rolling process. The variations of the nonuniform, deformation-stored energy
field and carbon concentration field are also reproduced. A detailed analysis demonstrates how the
parameters, including strain rate, grain size, temperature, and inter-pass time, influence the different
mechanisms of recrystallization. Grain refinement induced by recrystallization and the γ→α phase
transformation is also quantified. The simulated final α-fraction and the average α-grain size agree
reasonably well with the experimental microstructure.

Keywords: hot-rolling; recrystallization; austenite to ferrite transformation; cellular automaton; finite
element method (FEM)

1. Introduction

Grain refinement is a critical objective of the thermomechanical processing of Ad-
vanced High Strength Steels (AHSS). During hot-rolling, grain refinement is achieved
primarily by microstructure evolution during austenite (γ) recrystallization and follow-
ing the austenite to ferrite (γ→α) transformation [1]. Therefore, the understanding of
microstructure evolution during recrystallization and the γ→α phase transformation is
crucial for optimizing the rolling processes and enhancing the properties of products. Based
on the time period that recrystallization takes place, there are three recrystallization mecha-
nisms: (1) dynamic recrystallization (DRX)—nucleation and growth of recrystallized grains
under deformation; (2) metadynamic recrystallization (MDRX)—growth of DRX grains
during the inter-pass period; (3) static recrystallization (SRX)—nucleation and growth of
recrystallized grain during the inter-pass period.

Extensive experiments have been carried out to study the microstructures and proper-
ties of AHSS under various rolling parameters, such as strain rate [2–4] and deformation
temperature [5–7]. Those experimental studies provided important information concern-
ing the relationship between process variables and grain structures after rolling. As a
result of inherent experimental difficulties, these studies cannot fully elucidate the physical
mechanisms contributing to grain refinement, because one needs to consider the temporal
evolution of the multi-pass processes of recrystallization and the γ→α transformation,
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in order to analyze the contributions of recrystallization quantitatively, including DRX,
MDRX, SRX, and the γ→α phase transformation.

With the development of technologies in computer science, numerical simulation
methods have popularized and become an important tool for understanding the mech-
anisms of microstructure formation during material processes due to their capabilities
to present the visual, temporal evolution of microstructures. Among different numerical
models, the cellular automata (CA) approach, combining both computational efficiency
and simplicity [8], has been commonly applied to investigate various phenomena such as
recrystallization [9–22], phase transformation [23–31], and grain coarsening [32,33].

Simulation studies on microstructure evolution during recrystallization for a single-
pass process have been performed by utilizing a CA model [9–11] and combining the CA
method with the finite element method (FEM) [12,13] or the crystal plasticity finite element
method (CPFEM) [14–16]. Those studies investigated the mesoscale grain structural evo-
lution as well as the macro- or meso-scale mechanical response. However, there are few
simulation studies that focused on multi-pass hot deformation processes using a coupled
FEM and CA approach. Barkóczy et al. [17] first simulated the 4-pass rolling process using
a CA method, considering SRX and grain coarsening. Yet, the simulation was based on
unrealistic material parameters and an unspecific deformation process. The mechanism of
dislocation density evolution was also not reproduced. Zheng et al. [18] and Chen et al. [19]
input actual material and technology parameters to simulate a 7-pass hot-rolling process
and 4-stage hot compression process. The effect of hot deformation was coupled through
the determination of deformation-stored energy variation and a topology deformation
technique for reproducing the plastically deformed grain structure. Good agreement of
average grain size was obtained among the results from the CA simulation, the in-house
software of ROLLAN, and a Gleeble simulator. Nevertheless, the simplified assumptions
of temperature variation and mechanical response in those studies were insufficient due to
the multi-scale nature of hot deformation. Svyetlichnyy et al. [20,21] simulated multi-pass
shape rolling processes using a coupled FEM and frontal cellular automata (FCA) method.
The results can be used to predict the grain structure and kinetics of recrystallization.
However, the above-mentioned studies only focused on recrystallization during multi-pass
hot deformation. Svyetlichnyy et al. [22] used a combined FEM and FCA model to simulate
recrystallization during 3-pass shape rolling and a subsequent phase transformation during
cooling. Nevertheless, an arbitrary α/γ grain boundary migration rate was used for phase
transformation. The simulated microstructure was not validated by an experiment.

For the γ→α phase transformation in Fe-C-Mn alloys, the growth kinetics have been
usually described by carbon diffusion and interface reaction based on the paraequilibrium
condition, where only the interstitials are allowed to partition and reach the equality of
chemical potentials between the α- and γ-phases, while the substitutional elements are
not [34]. Several numerical simulation studies focused on the α-γ phase transformation
during isothermal annealing [23,24], continuous cooling [25,26], continuous heating [27,28],
and an entire anneal cycle [29–31] under the assumption of paraequilibrium. To account
for the interaction of substitutional elements at the moving α/γ interface, Purdy et al. [35]
proposed a solute drag model, where the Gibbs energy dissipation due to the trans-interface
diffusion of the substitutional solute was introduced. An et al. [29] first coupled a solute
drag model with a CA model to simulate the α-γ transformation in a dual-phase steel
during different heat treatment processes. The simulation results agree well with those
from phase field predictions, atom-probe tomography analyses, and SEM micrographs.
However, a CA model incorporated with the solute drag effect for the simulation of the
γ-α phase transformation has not been applied to the hot-rolling process.

As described above, at present, quantitative multi-scale simulation studies on both
recrystallization and the γ→α phase transformation during a multi-pass hot-rolling process
are still limited. In this article, a coupled macroscopic FEM and mesoscopic CA model is
proposed to investigate the recrystallization and γ→α phase transformation during a 6-
pass hot-rolling and continuous cooling process for an Fe-C-Mn steel. FEM is used to obtain
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the macroscopic thermomechanical data for CA simulations. The solute drag model is
embedded in the CA approach to take into account the effect arising from the redistribution
of manganese atoms at the α/γ interface. The evolution of the microstructure, dislocation
density, and carbon concentration field during a specific multi-pass hot-rolling process
is displayed. The effects of thermomechanical parameters on the recrystallization are
discussed in detail.

2. Experiments and FEM Simulation

The steel with the composition Fe-0.07C-1.2Mn-0.5Si-0.052P-0.01S (wt.%) was hot-
rolled using a large-scale laboratory hot-rolling mill with 1500 mm diameter work rolls.
Before hot-rolling, the slabs were reheated to 1150 ◦C for 2 h. Then, the slab was deformed
by a 6-pass hot-rolling process following by air cooling at a cooling rate of ~4 ◦C s−1 to
room temperature. The rolling temperature at the start of each deformation pass, i.e., the
initial rolling temperature, and the temperature at the end of the sixth pass are measured
using a high-temperature handheld infrared thermometer (Table 1). The accuracy of the
thermometer is about 1% of reading, and the max resolution is about 1 ◦C. The finishing
rolling temperature after the sixth pass measured in the experiment is ~880 ◦C. The rolling
process parameters are also presented in Table 1. The true strain in Table 1 is the plastic
strain along the loading direction.

Table 1. Strain and initial rolling temperature used for laboratory hot-rolling.

Pass 1 Pass 2 Pass 3 Pass 4 Pass 5 Pass 6

Strain, ε 0.288 0.405 0.288 0.511 0.693 0.889
Initial rolling Temperature (◦C) 1027 ± 10 1023 ± 10 1023 ± 10 1000 ± 10 950 ± 10 910 ± 10

The FEM simulation of the continuous rolling process is conducted using the commer-
cial software DEFORM-3D (v11.0.2, Scientific Forming Technologies Corporation, Colum-
bus, United States). Process parameters and geometric models used for FEM simulation
are the same as those in experiments (Table 1). The material file selected for the slab is
modified based on tensile tests and thermomechanical analysis experiments. The outset
of each deformation, also the end of each previous inter-pass, is determined as the time
when the simulated temperature at the center of the slab’s upper surface is identical to the
experimentally measured initial rolling temperature. The FEM simulation is finished when
the simulated temperature at the center of slab upper surface equals the finishing rolling
temperature of the sixth pass. Other thermophysical parameters are taken as follows. The
convective heat transfer coefficient between the slab and air is 0.045 kW/m2·◦C. The heat
transfer coefficient between the slab and rolls is 9.5 kW/m2·◦C. The coefficient of shear
friction is 0.7.

3. Governing Equations and Numerical Methods of the CA Model

3.1. Model Description

A 2D mesoscopic CA model is proposed to simulate γ-recrystallization and the γ→α

transformation during a 6-pass hot-rolling and subsequent air-cooling process. Recrys-
tallization occurs during the 6-pass hot-rolling and continues until the temperature cools
down to the transformation start temperature. The γ→α phase transformation takes place
during the air-cooling process after 6-pass rolling.

The CA model of recrystallization simulation is divided into two parts. One part is
for calculating the variation of dislocation density due to work hardening, recovery, and
recrystallization. The other is for simulating the evolution of the plastically deformed
microstructure under three recrystallization mechanisms, namely DRX, MDRX, and SRX,
using the approach previously applied by Zheng et al. [18]. During the deformation
period, the nucleation and growth of DRX grains occur. During the inter-pass interval,
the growth of DRX grain, i.e., MDRX, as well as the nucleation and growth of SRX grains,
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takes place. A uniform topology mapping technique [36] is utilized to simulate the grain
deformation structure. The strain rate and temperature fields are taken as homogeneous
in the CA calculation domain, since the whole CA domain is within one element of FEM.
The distribution of deformation energy within a grain is considered to be nonuniform with
respect to the distance of a cell from a grain boundary.

The CA simulation for the γ→α phase transformation includes α-phase nucleation,
α-grain growth and coarsening, and carbon diffusion, which is performed based on a
quantitative CA model proposed by An et al. [29]. The multi-component steel used in
the experiment is reduced to a ternary Fe-0.323C-1.231Mn (mol.%) alloy for simplicity.
The assumption of paraequilibrium is adopted, where the partition of the substitutional
element manganese at the γ/α interface is neglected. The solute drag effect of the element
manganese is incorporated, which reproduces the decrease in grain boundary mobility due
to manganese diffusion inside the α/γ interface. Moreover, the driving force for α-phase
nucleation and growth also involves the contribution of the deformation-stored energy
inherited from hot-rolling. Both the initial microstructure and deformation-stored energy
field for phase transformation simulation are taken from those by the CA simulation at
the end of the 6-pass hot-rolling. All thermodynamic data are obtained from Thermo-calc
(TCFE9 database). The cooling rate is set as 4 ◦C/s as the rate measured in the experiment.
The transformation temperature range is set from 832 ◦C to 650 ◦C based on thermal
dilatometer measurements and kinetic factors.

In the CA model, space is discretized into a finite number of cells. Each cell is
characterized by several state variables: (1) grain index, I; (2) dislocation density, ρi,j; (3)
average carbon concentration, xC; (4) α-phase volume fraction, ϕ (ϕ = 1 or 0 denotes the α-
or γ-phase, respectively); (5) interface labels denote the recrystallized γ/unrecrystallized γ,
γ/γ and α/α grain boundaries, and α/γ interfaces.

3.2. Austenite Recrystallization
3.2.1. Dislocation Density Evolution

During hot deformation, most of the energy (~99%) is released immediately as heat.
The residual energy remains stored in the form of dislocations. This deformation-stored
energy (per volume), Edef, can be calculated from the dislocation density, ρ, as follows [37]:

Edef = βμb2ρ, (1)

where β is a constant of the order of 0.5; μ is the shear modulus of the γ-phase, 50 × 109 Pa [23];
b is the magnitude of the Burgers vector, 2.48 × 10−10 m [23]. The relationship between the
flow stress, σ, and the average dislocation density of the material, ρave, can be described
as follows:

σ = α1μb
√

ρave, (2)

where α1 is a constant depending on the dislocation/dislocation interaction, and can be
taken as 0.5. The Kocks–Mecking (KM) model [38] is applied to evaluate the variation in
the dislocation density in each grain with respect to deformation strain using the follow-
ing equation:

dρ

dε
= k1

√
ρ − k2ρ, (3)

where k1 = 2θ0/(α1μb) is a constant representing work hardening; k2 = 2θ0/σs is the
softening parameter representing dynamic recovery; θ0 is the initial work hardening rate;
σs is the saturated stress, and it can be determined by Hatta’s model [39]:

.
ε = A0[sin h(aσs)]

n′
exp
(
−QA

RT

)
, (4)

where
.
ε is the strain rate; A0, n’, a, and QA are the material constants and can be obtained

from flow stress-strain curve; R is the gas constant, 8.314 J mol−1 K−1; T is the absolute
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temperature. During the inter-pass intervals, static recovery occurs mainly via dislocation
climbing. The decrease in the dislocation density due to static recovery can be expressed
by [40]:

dρ

dt
= d · (ρ − ρ0), (5)

where ρ0 is the initial dislocation density and is set as the common dislocation density for
annealed metals, 1010 m−2 [41]; d is a temperature-dependent coefficient representing the
static recovery rate. It can be calculated by [40]

d = d0Dmd
γ exp(−QSRV/RT), (6)

where Dγ is the average γ-grain diameter; d0, md, and QSRV are constants. In addition to
recovery, recrystallization also accounts for dynamic and static softening. The dislocation
density decreases in cell (i, j) caused by a recrystallized grain growing into a deformed
grain can be expressed as

Δρt
i,j = Δ f (ρr − ρnr), (7)

where ρnr is the average dislocation density of the deformed grain; ρr is the average
dislocation density of the recrystallized grain; Δf is the recrystallization fraction in cell (i, j).

A simplified analytical model [42] is adopted to reproduce the heterogeneous distri-
bution of deformation energy within grains. The stored energy in cell (i, j) belongs to grain
S and can be expressed as

ES(i,j) = f (L)HS, Max ,
1
n ∑i,j ES(i,j) = ES, (8)

where HS,Max is the maximum value of the stored energy in grain S; L is the distance of
the cell (i, j) from the grain boundary; f (L) is a factor decreasing from 1.0 to 0.2 in a length
of 4.8 μm as L increases; n is the number of cells that belongs to grain S; ES is the average
deformation stored energy of grain S, which can be calculated from Equations (1) and (2).

3.2.2. Nucleation of Austenite Recrystallization

The nucleation of recrystallization is assumed only to occur at austenite grain bound-
aries once the accumulation of dislocations reaches the critical dislocation density. More-
over, it is assumed to be a continuous nucleation event. During deformation, the nucleation
rate per potential nucleation area for DRX as a function of both temperature T and strain
rate

.
ε is calculated by [43]

.
nDRX = C

.
ε

η exp
(
−QN

RT

)
, (9)

where C is the nucleation parameter, which can be estimated either by experiment or the
inverse analysis method [44]. The value of C could be on the order of 1012–1022 [10,11,45].
In the present study, it is set to 7.2 × 1015 by comparing the simulation results with
experimental data; QN is the activation energy for nucleation, 170 KJ mol−1 [23]; the
exponent η is set to be 1 in the present simulation. The critical dislocation density ρc for
DRX nucleation on grain boundaries is evaluated by [46]

ρc =

(
20γb

.
ε

3blMbτ2

) 1
3

, (10)

where γb is high-angle grain boundary energy with a typical value of 0.56 J·m−2; l = 10.5 μb/σ
is the dislocation mean free path [47]; τ = μb2/2 is the dislocation line energy; Mb is the
high-angle grain boundary mobility, which can be expressed as [48]

Mb =
D0b2

kT
exp
(
−Qb

RT

)
, (11)
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where D0 is the boundary self-diffusion coefficient, 1.13 × 10−6 m2 s−1 [49]; Qb is the
activation energy for grain-boundary motion, 140 KJ mol−1 [18]; k is Boltzmann constant.
During the inter-pass intervals, the nucleation rate of SRX per unit area in the deformed
matrix is considered to be related to the distribution of deformation-stored energy Edef and
temperature T. It is given by using a phenomenological model as follows [42]:

.
nSRX = Z(Edef − Ec) exp

(
−QN

RT

)
, (12)

where Z is a nucleation parameter 1.389 × 1010; Ec the critical stored energy for initiating
SRX, which can be determined from the critical deformation strain as follows [50]:

Ec = γb · 107(
εc

2.2εc + 1.1
), (13)

where the critical strain εc generally ranges from 0.05 to 0.1 for different materials, and it
can be taken as 0.1 for C-Mn steel [51].

3.2.3. Grain Growth and Coarsening

The velocity of grain boundary movement, V, can be generally expressed as

V = MbP, (14)

where P is the driving pressure for the specific process. For the recrystallization front
moving into the deformed matrix, P is determined by the stored energy difference between
the recrystallized grains and deformed matrix. For grain coarsening occurring at all grain
boundaries, the driving force P is derived from curvature and is expressed as

P = γbκ, (15)

where κ is the grain boundary curvature and calculated by [52]

κ =
A

Δx
Kink − NS

N + 1
, (16)

where Δx is the CA cell size; A = 1.28 is a coefficient; N = 24 is the number of the first- and
second-nearest neighbors; NS is the number of cells within the neighborhood belonging to
the grain S; Kink = 15 is the number of cells within the neighborhood belonging to grain S
for a flat interface [52].

3.2.4. Uniform Topology Deformation

For the present 2D model, the 2 × 2 uniform deformation matrix M is utilized to
represent deformation. The transformation matrix M alters the original vector u to a new
vector v. It can be written as v = Mu, or[

vx
vy

]
=

[
lx
0

0
ly

][
ux
uy

]
, (17)

where ui (i = x, y) and vi (i = x, y) are the components of the original vector u, and the new
vector v; li (i = x, y) is equal to the ratios of the final to initial lengths of vectors along two
principal axes. The volume is assumed to be consistent during deformation, which means
that lxly = 1. Therefore, the true strain along the two principal axes of deformation can be
written as

εi = ln li(i = x, y) (18)
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3.3. Austenite to Ferrite Transformation
3.3.1. Ferrite Nucleation

During the cooling process after 6-pass hot-rolling, ferrite nucleates preferentially on
the deformed γ-phase and γ-grain boundaries. The stored energy provides the additional
driving force for ferrite nucleation. The classical nucleation theory is adopted to describe
the nucleation rate of ferrite per unit in the potential nucleation area [53]:

J =
K1Dγ

C√
kT

exp

(
− K2

kTΔG2
V

)
, (19)

where K1 is a constant related to the density of nucleation sites, and is taken as
2.48 × 1010 J1/2 m−4 in the present work; K2 is a constant related to all the interfaces
involved in nucleation, 2.5 × 10−18 J3 mol−2 [54], which relates to the shape of the nucleus
and interfacial energy; Dγ

C is the carbon diffusion coefficient in austenite; ΔGV is the driving
force for ferrite nucleation. It consists of both the chemical driving force, ΔGV,che, and the
deformation stored energy, Edef:

ΔGV = ΔGV,che + EdefVm, (20)

where Vm is molar volume of austenite, 7.18 × 10−6 m3 mol−1 [18]. ΔGV,che is determined
by the Gibbs chemical-free energy difference between the α- and γ-phases.

3.3.2. Ferrite Growth and Coarsening

A mixed-mode growth model is adopted to describe the γ→α transformation, where
the kinetics of ferrite growth are controlled by both carbon diffusion and α/γ interface
mobility. The migration velocity of the α/γ interface Vα/γ is calculated by

Vα/γ = Mα/γPα/γ, (21)

where Pα/γ is the effective driving pressure; Mα/γ is the interfacial mobility of the moving
α/γ interface, which can be described as [55]

Mα/γ = Mα/γ
0 exp

(
−Qα/γ/RT

)
, (22)

where Mα/γ
0 is the pre-exponential factor dependent on composition and processing

history. It is adjustable and ranges from 1 × 10−4 to 0.5 mol m J−1 s−1 [29]. In the
present study, Mα/γ

0 is readjusted as 0.085 mol m J−1 s−1 based on the value estimated by
Fazeli et al. [56] and by fitting the simulation results with the experimental micrograph;
Qα/γ is the activation energy for atom motion at the interface, 140 KJ mol−1; The effective
driving pressure, Pα/γ, involving the chemical driving pressure of the γ→α transformation,
ΔGche, the solute drag pressure ΔGdis, and the deformation stored energy Edef. Pα/γ is
given by

Pα/γ = ΔGche + EdefVm − ΔGdis, (23)

where ΔGdis is the dissipated Gibbs energy due to the solute drag effect, Section 3.3.3.
ΔGche can be calculated from

ΔGche = χ
(

xγ,α/γ
C − xγ,e

C

)
, (24)

where χ is a proportionality factor; xγ,e
C is the equilibrium carbon concentration of the

γ-phase, which can be obtained from thermodynamic calculation; xγ,α/γ
C is the actual

carbon concentration of the γ-phase at the α/γ interface, which is obtained from the solute
transport calculation, Section 3.3.4. To eliminate the artificial anisotropy that originated
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from the square CA cell, a geometrical factor gnew is introduced. It is related to the states of
the neighboring cells and is defined by [29]

gnew = min
[

1,
1
3

(
∑4

m=1 SI
m +

1√
2

∑4
m=1 SII

m

)]
, SI, SII =

{
0 (ϕ < 1)
1(ϕ = 1)

, (25)

where SI and SII indicate the states of the nearest neighbor cells and the second-nearest
neighbor cells, respectively; ϕ is the α-phase volume fraction of the neighboring cells. Thus,
the increment of the α-phase fraction during γ→α transformation is expressed as

Δϕ = −gnewVα/γΔt/Δx, (26)

where Δt is the time step. To reflect the higher kinetics of phase transformation along
grain boundaries, the interfacial velocity along the γ/γ grain boundaries is assumed to be
2.5 times faster than that in other directions during cooling.

The α-grain coarsening is driven by curvature and can be found in Section 3.2.3.

3.3.3. Solute Drag Model

The segregation of manganese at the α/γ interface would exert a solute drag pressure
on the interface. A dissipated Gibbs energy, ΔGdis, is introduced to consider the velocity re-
duction of the grain boundary resulting from the solute drag effect. ΔGdis can be calculated
from the redistribution of manganese in the interfacial region, which is evaluated by [35]

ΔGdis = −
∫ +Λ

−Λ

(
x0

Mn − xMn(y)
)dE(y)

dy
dy , (27)

where 2Λ is the physical interface thickness taken as 1 nm [57]; x0
Mn is the manganese

concentration in the bulk matrix; xMn(y) is the manganese concentration profile across the
interface; E(y) is the interaction potential of manganese with the interface; y is the distance
from the interface. E(y) can be expressed as [35]

E(y) =

⎧⎪⎪⎪⎨
⎪⎪⎪⎩

μα
Mn

μα
Mn + ΔE − E0 +

(ΔE−E0)
Λ y

y < −Λ
−Λ ≤ y < 0

μα
Mn + ΔE − E0 +

(ΔE+E0)
Λ y

μγ
Mn

0 ≤ y < +Λ
y ≥ +Λ

, (28)

where 2ΔE is the potential difference in manganese between ferrite and austenite, which
can be obtained from the thermodynamic calculation; E0 is the binding energy, i.e., the
minimum in potential profile. It can be taken as 1.4RT − 24, 000 J mol−1 [31]. xMn(y) is
given by [35]

Dint
Mn

∂xMn(y)
∂y

+
Dint

MnxMn(y)
RT

∂E(y)
∂y

+vα/γ
(

xMn(y)− x0
Mn

)
= 0, (29)

where Dint
Mn = 1.42 × 10−10exp(−132000/RT) m2 s−1 is the diffusivity of solute manganese

across the α/γ interface [56].

3.3.4. Carbon Diffusion

Carbon partition and diffusion are governed by

∂xC/∂t =∇·[DC(ϕ)· ∇(xC/p(ϕ))], (30)

where p(ϕ) = ϕ + ke(1 − ϕ); ke= xγ,e
C /xα,e

C is the equilibrium partitioning coefficient;
DC(ϕ)= ϕDα

C+ke(1 − ϕ)Dγ
C is the carbon diffusion coefficient associated with the α-phase

volume fraction, where Dα
C , Dγ

C are the temperature-dependent carbon diffusivities in the
α- and γ-phases, respectively. They can be estimated by Dα

C = 2.2× 10−4 exp(−122500/RT)
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m2 s−1 and Dγ
C = 1.5 × 10−5 exp(−142100/RT) m2 s−1 [58]. Equation (30) is solved using

the explicit finite difference scheme. The time step is determined by Δt = Δx2/
(
4.5Dα

C
)
. The

zero-flux boundary condition is applied at the four walls of the calculation domain.

3.4. Coupling Scheme between CA and FEM Simulations

The initial grain structure for the CA simulation is generated through Voronoi tes-
sellation according to the number and size of γ-grains measured from an experimental
micrograph. The micrograph is obtained from a quenched sample after annealing at 1150 ◦C
for 2 h. The initial microstructure for CA simulation, with an average grain size of ~174 μm,
is generated based on the experimental microstructure (~179 μm), Figure 1. Similar grain
sizes of the generated initial microstructure (~174 μm) and the experimental microstructure
(~179 μm) are achieved, Figure 1. Macro-process parameters used in the CA simulation are
obtained from the experiment and FEM simulations. The true strain for each pass in the
CA simulation is identical to those in the hot-rolling experiment (Table 1). The temperature
curve and the strain rate are obtained from the FEM simulation. The center element of
the slab in the FEM calculation corresponds to the CA simulation domain. Moreover, the
average effective strain rate of the center under deformation in FEM is taken for the CA
simulation. Since the total reduction of the slab is extremely large (~94%), the calculation
domain size reduces in each pass to improve the computational efficiency. Varying CA cell
spacing is also required to accommodate the significantly changing average grain size in
each pass. The domain size at the start of each deformation period and the CA cell spacing
for each pass are listed in Table 2.

 
Figure 1. Initial grain structure before hot-rolling: (a) initial microstructure generated for the CA
simulations; (b) enlarged microstructure in the region of the box in (a); (c) micrograph of the water-
quenched sample cut from a slab after annealing at 1150 ◦C for 2 h before hot-rolling.

Table 2. CA simulation settings.

Pass 1 Pass 2 Pass 3 Pass 4 Pass 5 Pass 6 Cooling

Initial simulation domain
size (CA cells) 250 × 750 111 × 563 110 × 752 73 × 565 80 × 680 100 × 400 240 × 200

CA space step, Δx (μm) 4.8 4.8 2.4 2.4 1.2 0.6 0.3
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4. Results and Discussion

4.1. FEM Simulation of Hot-Rolling

First, FEM simulation using DEFORM-3D software is performed to obtain the average
strain rate and the variations of the temperature field in the slab during the whole 6-pass
hot-rolling process. Table 3 lists the simulated average effective strain rate,

.
ε, under each

deformation period, which is in accordance with the variation of the true strain given in
Table 1.

Table 3. Average effective strain rate obtained from the FEM simulation.

Pass 1 Pass 2 Pass 3 Pass 4 Pass 5 Pass 6

Strain rate,
.
ε (s−1) 3.724 4.770 3.964 5.632 10.000 12.024

Figure 2 displays the simulated temperature curves at the slab center and surface. In
the curves, the sudden temperature changes imply the start of each pass. As shown, the
simulated temperature at the surface is lower than that in the slab center by ~20–200 ◦C
during the first to fourth pass, while the two temperature curves become nearly superposed
in the last two passes, due to the fact that the rolled steel sheet becomes thin. During the
hot-rolling process, the slab/sheet temperature is elevated by the heat generated under
deformation. Simultaneously, at the slab surface, the temperature falls mostly by heat
convection owing to the contact of slab/air and slab/rollers, while at the slab center, the
temperature drops as a result of heat transfer from the center to surface. The surface
temperatures measured in the experiment are also plotted with the simulated curve for
comparison. However, the handheld pyrometer used in the experiments cannot determine
the complete information on the slab temperature field. Therefore, it is necessary to perform
FEM simulations to obtain the temperature field inside the slab.

Figure 2. FEM-simulated temperatures of slab center (red line) and surface (black dash line) varying
with time compared with the experimentally measured slab surface temperatures (blue circle).

4.2. CA Simulation of the Hot-Rolling Process

The CA model described in Sections 3.2 and 3.3 is applied to simulate the evolution of
dislocation density and grain structure during the 6-pass hot-rolling process. The FEM-
simulated temperature and strain rate are incorporated in the CA simulations. Figure 3
plots the simulated average dislocation density, ρave, and the recrystallized nucleus density
varying with time. Arrows in the curves indicate the end of each pass. As shown in
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Figure 3a, the dislocation density increases rapidly under deformation and reaches a peak
value in each pass. Then, it declines in the following inter-pass interval. For the whole
process, the ρave peak value shows an increasing trend with time except for the third pass.
This corresponds to the strain rate with the pass number (Table 3), due to the fact that a
higher strain rate enhances the dislocation density in the matrix. On the other hand, the
ρave valley value, representing the value of the remaining dislocation density in each pass,
declines until the fourth interval. Especially at the end of the first and the second intervals,
ρave remains high (~1.5 × 1014 m−2) in the matrix and is inherited by the next pass. ρave is
almost reduced to zero at the end of the fourth interval, and then rises slightly afterwards.
In the end of sixth pass before cooling, ρave is in the order of 1013 m−2, which is in the
range of typical values for hot-rolled C-Mn steels [59].

Figure 3. CA-simulated (a) average dislocation density and (b) recrystallized nucleus density varying with time. Arrows in
the curves indicate the end of each pass.

In Figure 3b, the recrystallized nucleus density refers to the newly recrystallized nuclei
in each pass, and thus it is zero at the start of each pass. As seen in each pass, the nucleus
density increases rapidly. The steady value of the recrystallized nucleus density increases
with the pass number. It is noted that there are almost no new nuclei appearing during
the first to third inter-pass intervals, implying that the recrystallized nuclei are nearly
produced by DRX during the former three passes. However, during the fourth to sixth
inter-pass intervals, the nuclei number is increased, which is apparently generated by the
SRX mechanism. The proportion of SRX to DRX nuclei also increases with the pass number.
As shown in Figure 3a, the peak value of average dislocation density, ρave, gradually
increases during the fourth to sixth pass. Obviously, higher ρave in the fourth to sixth
pass exceeds the critical value for SRX nucleation and leads to a larger recrystallization
nucleation rate, Equations (12) and (13). Thus, it is understandable that SRX could happen
and produce more nuclei in the latter three intervals. On the other hand, it is interesting
to note that there is an increase in the DRX nucleus density from the first to third pass,
although the variation of ρave is nearly the same in those passes. It is considered that the
initial grain size could account for this phenomenon [60–62]. Finer primary grains could
provide more grain boundary area as potential nucleation sites, leading to a higher nucleus
density in the matrix.

Figure 4 presents the CA-simulated variation of average grain size and the grain
structures at the end of each interval during the 6-pass hot-rolling process. The equivalent
grain diameter is calculated using

D =
1

Ng
∑Ng

i=1

√
4ASi

π
, (31)
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where Ng is the number of grains in the calculation domain; ASi is the area of grain Si. It is
seen in Figure 4 that for the first to third pass and interval, the average γ-grain size first
reduces rapidly under deformation and then, as indicated by the arrows, rises immediately
after finishing deformation. However, during the latter three intervals, the grain size is
still reduced after deformation. As analyzed above, during the former three passes, the
recrystallized nucleus is generated primarily by the DRX mechanism, while in the latter
three passes and intervals, both DRX and SRX occur. Thus, in each pass, the dramatic
reduction in average grain size results from the rapid nucleation of DRX. During the fourth
to sixth intervals, the continuous decrease in average grain size after deformation results
from SRX nucleation. The increase in grain size during the inter-pass period is due to the
growth and coarsening of recrystallized grains.

Figure 4. CA-simulated average grain size varying with time. Arrows indicate the end of each pass.
Pictures from the left to right are the simulated grain structures at the end of each interval. The
selected areas inside boxes shown in each picture are the input microstructures for the next pass. The
sizes of each squared area are listed in Table 2. Recrystallized grains formed in different passes and
intervals are shown in different colors; the initial matrix before the 1st pass is shown in white color.

Table 4 lists the average grain size of each type of grain at the end of each interval.
The matrix grain refers to the grain structure inherited from the previous pass; DRX grain,
formed by DRX and MDRX mechanisms, and SRX grain refer to the newly recrystallized
grains in each pass. As shown, γ-grains are gradually refined from the initial ~174 μm to
~12 μm at the end of the sixth interval. At the end of each interval, the average matrix grain
size (DM), average DRX grain size (DDRX), and average SRX grain size (DSRX) are smaller
than the average γ-grain size (Dγ) of the previous pass, which results in the refinement
of the overall γ-grains. Each type of grain is also refined step by step except that DDRX
increases at the end of the third interval. At the end of the first and second intervals, the
limited inter-pass time and relatively low strain rate constrain the growth of DRX grains,
i.e., MDRX mechanism, which leads to a smaller DDRX than DM. In the case of the third
pass and interval, however, there is adequate inter-pass time for sufficient DRX grain
structure development. Accordingly, the deformed matrix is greatly consumed. At the
end of the third interval, DDRX is much larger than DM and Dγ, leading to a weakening
of grain refinement and grain size uniformity. In the fourth to sixth pass, the strain rate
is high enough (Table 3), and high stored energy accumulates in the matrix, which drives
SRX grain growth. SRX grain growth would consume both DRX and matrix grains. At the
end of the fourth to the sixth intervals, the average SRX grain size is largest. It is noted
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that, at the end of the sixth interval, no DRX grains remain, which means that DRX grain
structure is totally replaced by SRX grains. The high strain rate in the sixth pass induces
high stored energy remaining in the deformed matrix and DRX grains, and thus introduces
a high difference in stored energy between SRX grains and other grain structures. The
difference in stored energy provides a high driving force for SRX growing into matrix and
DRX grains. Therefore, the SRX mechanism could take advantage of the high strain rate
when competing with the MDRX mechanism.

Table 4. Average grain size at the end of each interval.

Pass Number Initial 1 2 3 4 5 6

Average grain size, Dγ (μm) 174 120 76 49 41 19 12
Average matrix grain size, DM (μm) 174 147 87 27 20 12 8
Average DRX grain size, DDRX (μm) – 93 63 72 33 15 –
Average SRX grain size, DSRX (μm) – – – – 45 23 19

Figure 5 shows the recrystallization volume fraction, f RX, varying with time. In
Figure 5a, f RX refers to the volume percentage of the newly recrystallized grains during
each pass, and thus it is zero at the start of each pass. During the first to fourth intervals,
f RX increases gradually and approaches a nearly saturated value of ~1.0 at the end of
fourth interval. Then, f RX decreases in the fifth and sixth intervals. As indicated by the
arrows, the f RX increment is not evident during the deformation period. The obvious
f RX increase appears during the inter-pass period. This is because the deformation time
is extremely short (~0.1 s), and thus the growth of DRX nuclei is quite limited during
deformation. Rapid development of the recrystallized structure takes place during the
inter-pass intervals. Therefore, MDRX and SRX are the controlling mechanisms for the
recrystallized grain structure formation. As discussed, regarding Figures 3b and 4, there is
no SRX occurring during the first to third interval. Therefore, MDRX provides the main
contribution for recrystallization during the former three intervals. For the latter three
intervals, MDRX and SRX dominate concurrently.

Figure 5. CA-simulated volume fraction of recrystallization varying with time: (a) an overview of the 6-pass hot-rolling
process and (b) in each pass. Arrows in (a) indicate the end of each pass.

Figure 5b compares the recrystallization kinetics of each inter-pass interval. It is seen
that the kinetics of recrystallization accelerate gradually from the first to fourth pass. The
kinetics curve of the fourth interval becomes the highest. However, from the fifth to the
sixth interval, the kinetics are reduced. Numerous experiments found that recrystallization
kinetics are influenced by various factors, including strain rate [3,4], temperature [7], initial
grain size [60–62], as well as inter-pass time. It is obvious that a higher strain rate enhances
recrystallization by introducing more dislocations and thus provides a higher nucleation

191



Materials 2021, 14, 2947

rate and driving force for the growth of recrystallized grains. The increasing temperature
also accelerates the kinetics by providing higher boundary mobility. The influence of initial
grain size relates to the nucleation of both DRX and SRX. As shown in Figure 3b, the nuclei
density increases gradually from the first to third pass, which is considered to result from
gradually finer initial grain size. This leads to the acceleration in kinetics of MDRX in the
former three passes. For the fourth interval, in addition to the effects of finer grains and
increased strain rate, the SRX mechanism also contributes to the higher kinetics than in
the third interval by generating more nuclei. Owing to the decreased temperature, the
recrystallization kinetics of the last two intervals slow down, even though the strain rate
is increased, and the grains are refined. Therefore, the recrystallization fraction in the
fourth interval is the highest under the comprehensive effect of initial grain size, strain rate,
temperature, as well as inter-pass time.

The first and the fourth passes are taken as examples to explain the variations in
grain structure and the deformation-stored energy (Edef) field. Figure 6 presents the
CA-simulated evolution of grain structure and the Edef field during the first pass and
subsequent inter-pass period. As presented in Figure 6a, before hot-rolling, the initial
grain structure is produced according to the experimental observation (see Figure 1). The
initial Edef at grain boundaries is set to be somewhat higher than that within the grains,
Equation (8). The deformed grain structures and nonuniform distribution of the Edef are
achieved during deformation, Figure 6b,c. Figure 6c shows the grain structure and the Edef
field at the end of deformation. It is seen that recrystallization does not occur evidently
during the deformation period, reflecting the minor variation of f RX in Figure 5a due to
the limited deformation time. The Edef accumulates continuously under deformation,
which corresponds to the increase in ρave in the first pass (Figure 3a). During the inter-pass
period, recrystallized grains appear at the γ/γ grain boundaries. As analyzed above, these
recrystallized grains nucleate by the DRX mechanism. Then, as described by Equation (14),
they grow into unrecrystallized grains by consuming the Edef during the inter-pass interval,
Figure 6c–f. The Edef in some recrystallized grains is higher because they are generated
prior to other recrystallized grains and thus accumulate more deformation-stored energy.
It is also noted that the unrecrystallized grains surrounded by DRX grains have a relatively
lower Edef than that far away from DRX grains, as the Edef in those grains is consumed by
massive recrystallization, Equation (7).

Figure 7 presents the CA-simulated evolution of grain structure and the deformation-
stored energy (Edef) field during the fourth pass and interval. As shown, the nucleation
from DRX can hardly be observed in Figure 7a,b, which is the same as that in the first pass.
The Edef of the matrix at the end of the fourth pass deformation is much higher compared
to that of the first pass. The remaining Edef after the fourth pass still exceeds the critical
value for SRX nucleation, leading to the occurrence of SRX, Equation (12). Thus, during the
inter-pass period, some new grains nucleate at both the unrecrystallized and recrystallized
grain boundaries, Figure 7c–e. When the recrystallized grains contact each other, grain
coarsening driven by curvature takes place, Equations (14)–(16). It is seen from Figure 7e
that at the end of the fourth pass, the matrix has been almost thoroughly occupied by the
new recrystallized grains, and the Edef in the domain has been exhausted to relatively low
values. As discussed for Figure 5b, the nearly completely recrystallized grain structure
after the fourth pass interval is due to an integrating effect of high strain rate (5.632 s−1),
refined initial grain size (~40 μm), relatively long inter-pass time (~21 s), and moderate
temperature (950–1050 ◦C).
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Figure 6. CA simulated evolution of the grain structure (upper row) and deformation-stored energy (lower row) during the
1st pass and interval: (a) t = 0.0 s; (b) t = 0.05 s; (c) t = 0.09 s, the end of deformation; (d) t = 1.0 s; (e) t = 3.0 s; (f) t = 4.1 s.
In the upper row, the white and purple grains represent the initial and recrystallized grains generated in the 1st pass and
interval, respectively. The horizontal and vertical directions are the rolling and compression directions, respectively.

4.3. CA Simulation of Cooling Process.

Finally, the CA model coupled with the solute drag effect as described in Section 3.3 is
adopted to simulate the microstructure evolution during cooling after the sixth pass. The
grain structure at the end of sixth pass (inside the box of the last grain structure picture in
Figure 4) is taken as the initial microstructure (Figure 8a) for this simulation. According to
the Calphad calculation and experimental measurement, the γ→α transformation temper-
ature range is set from 832 ◦C to 650 ◦C. Figure 8 displays the simulation results during
cooling from 832 ◦C to 650 ◦C at a cooling rate of 4 ◦C s−1. The SEM micrograph from
the as-rolled sample is given in Figure 8d for comparison. As shown in Figure 8b, new
α-grains nucleate primarily at γ/γ grain boundaries; some α-grains also appear inside
the γ-grains. During cooling, the α-grains grow with the increasing carbon concentrations
in both α- and γ-phases. The regions adjacent to the α/γ interfaces are more enriched
in carbon due to the rejection of carbon atoms from the newly formed α-grains. When
the simulation of phase transformation finishes, carbon enriches in the remaining γ-phase
(light blue) in Figure 8c, which corresponds to the pearlite phase in Figure 8d. The final
α volume fraction of the simulated microstructure presented in Figure 8c is ~0.92, which
is nearly identical to the experimentally measured value, ~0.93. The simulated average
α-grain size, ~9.4 μm, also agrees well with the experimental data, ~9.7 μm.
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Figure 7. CA-simulated evolution of the grain structure (upper row) and deformation-stored energy
(lower row) during the 4th pass and interval: (a) t = 0.0 s; (b) t = 0.1 s, the end of deformation; (c) t =
1.0 s; (d) t = 5.0 s; (e) t = 21.8 s. In the upper row, the purple, blue, green, yellow grains represent
recrystallized grain generated in the 1st, 2nd, 3rd, 4th pass and interval, respectively. The horizontal
and vertical directions are the rolling and compression directions, respectively.

Figure 8. CA-simulated microstructures and carbon concentration fields during cooling from 832 ◦C
to 650 ◦C at a cooling rate of 4 ◦C s−1: (a) T = 832 ◦C; (b) T = 750 ◦C; (c) T = 650 ◦C (t = 45.5 s,
fα = ~0.92, Dα = ~9.4 μm); (d) SEM micrograph (fα = ~0.93, Dα = ~9.7 μm) of the cooled sample at
room temperature. fα is the α volume fraction, and Dα is the average diameter of α-grains.
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5. Conclusions

A coupled macroscale finite element method (FEM) and mesoscale cellular automaton
(CA) model is proposed for the simulation of microstructural evolution during a 6-pass
hot-rolling process. The FEM is adopted to calculate the deformation and temperature field.
The CA approach is used to simulate the dislocation density and microstructure quantita-
tively, including recrystallization during hot-rolling, and the γ→α phase transformation
during cooling.

The calculation of the dislocation density field takes into account the effects of work
hardening, dynamic recovery, static recovery, and recrystallization. For the simulation
of the γ→α phase transformation, the interaction between manganese atoms and α/γ
interfaces is considered by incorporating a solute drag effect with the CA model; the
contribution of deformation-stored energy to the driving forces is also involved.

The simulation results quantitively display the comprehensive effect of strain rate,
grain size, temperature, and inter-pass time on the different mechanisms of recrystallization,
including dynamic recrystallization (DRX), metadynamic recrystallization (MDRX), and
static recrystallization (SRX). DRX is found to be mainly constrained to the nucleation of
recrystallized grains due to the limited deformation time (~0.1 s) in the present rolling
process. Under the relatively low strain rate of the first to third passes, MDRX dominates the
grain structure evolution. For the high strain rates of the fourth to sixth passes, MDRX and
SRX occur concurrently. High strain rate is found to be more beneficial to SRX than MDRX.
A high temperature and fine initial grain size will enhance the kinetics of recrystallization.
A sufficient inter-pass time is also necessary for MDRX and SRX to refine grain structure.
However, too long of an inter-pass duration may lead to recrystallized grains coarsening.

The simulated average γ-grain size is reduced from ~174 μm to ~12 μm during
the 6-pass hot rolling process. After the γ→α phase transformation during subsequent
cooling, the simulated final α volume fraction (0.92) and average α-grain size (~9.4 μm)
agree reasonably with the experimental data (~0.93, ~9.7 μm). The simulation in the
present work allows for quantification of the contributions of DRX, MDRX, SRX, and phase
transformation on grain refinement, and thus provides insight into the mechanisms of
microstructural evolution during a multi-pass hot-rolling process.
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Nomenclature

γb high-angle grain boundary energy: J m−2

ε strain
εc critical strain for SRX nucleation
.
ε strain rate, s−1

θ0 initial work hardening rate, MPa
κ the grain boundary curvature, m−1

Λ half physical interface thickness, nm
μ shear modulus of the γ-phase, Pa
ρ dislocation density, m−2

ρ0 initial dislocation density, m−2

ρc critical dislocation density for DRX, m−2

ρave average dislocation density of the material, m−2

ρnr average dislocation density of the deformed grain, m−2

ρr average dislocation density of the recrystallized grain, m−2

σ flow stress, Pa
σs saturated stress, Pa
τ dislocation line energy, J·m−1

ϕ α-phase volume fraction
χ proportionality factor, J mol−1 mol.%−1

α1, β, η, a, n’, A0, QA constants for calculating dislocation density evolution
A coefficient for calculating curvature
ASi area of grain Si
b the magnitude of the Burgers vector, m
C DRX nucleation parameter
d coefficient representing static recovery rate
d0, md QSRV constants for calculating static recovery rate
Dγ, DM, DDRX, DSRX, Dα average diameters for γ-, matrix, DRX, SRX, α-grains, μm
Dα

C , Dγ
C carbon diffusion coefficients in the α- and γ-phases, m2 s−1

D0 boundary self-diffusion coefficient, m2 s−1

Dint
Mn manganese diffusion coefficient across the α/γ interface, m2 s−1

Edef deformation stored energy, J m−3

Ec critical deformation stored energy for SRX nucleation, J m−3

ES average deformation stored energy of grain S, J m−3

E0 binding energy of manganese, J mol−1

ΔE half potential difference of manganese between α- and γ-phases, J mol−1

f RX, fα volume fractions of recrystallized grains and α grains
ΔGV driving force of the ferrite nucleation, J mol−1

ΔGV,che Gibbs chemical free energy difference between the α- and γ-phases, J mol−1

ΔGche chemical driving force of the γ→α transformation, J mol−1

ΔGdis solute drag pressure, J mol−1

gnew geometrical factor
HS,Max maximum value of the stored energy in grain S, J m−3

I grain index
J nucleation rate of ferrite, m−2 s−1

k Boltzmann constant, J K−1

ke equilibrium partitioning coefficient
k1, k2 constants representing work hardening and dynamic recovery
K1 K2 constants for calculating the nucleation rate of ferrite
Kink number of cells within the neighborhood belonging to grain S for a flat interface
l dislocation mean free path, m
li ratio of the final to initial length of vector along corresponding axis
L distance of the cell (i, j) from the grain boundary, μm
f (L) factor for deformation stored energy distribution
M deformation matrix for topology mapping
Mb high-angle grain boundary mobility, m4 J−1 s−1

Mα/γ interfacial mobility of the moving α/γ interface, mol m J−1 s−1
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Mα/γ
0 pre-exponential factor, mol m J−1 s−1

.
nDRX,

.
nSRX nucleation rates for DRX and SRX, m−2 s−1

n number of cells that belongs to grain S
N number of the first and second nearest neighbors
NS number of cells within the neighborhood belonging to grain S
Ng number of grains in the calculation domain
P driving pressure, J m−3

Pα/γ effective driving pressure for ferrite growth, J mol−1

QN activation energy for nucleation, KJ mol−1

Qb activation energy for grain-boundary motion, KJ mol−1

Qα/γ activation energy for atom motion at the interface, KJ mol−1

R universal gas constant, J mol−1 K−1

SI, SII states of the nearest and the second-nearest neighbor cells
T absolute temperature, K
u, v original and the new vectors of the CA cell space
V velocity of grain boundary movement, m s−1

Vα/γ migration velocity of the α/γ interface, m s−1

Vm molar volume of austenite, m3 mol−1

xα,e
C equilibrium carbon concentration of the α-phase, mol.%

xγ,e
C equilibrium carbon concentration of the γ-phase, mol.%

xγ,α/γ
C actual carbon concentration of the γ-phase at the α/γ interface, mol.%

x0
Mn manganese concentration in the bulk matrix, mol.%

y distance from the interface, μm
xMn(y) the manganese concentration profile
E(y) the interaction potential of manganese
Z nucleation parameter for SRX, J−1 s−1

References

1. Huang, K.; Logé, R.E. A Review of Dynamic Recrystallization Phenomena in Metallic Materials. Mater. Des. 2016, 111, 548–574.
[CrossRef]

2. Zhao, L.; Park, N.; Tian, Y.; Shibata, A.; Tsuji, N. Mechanism of Dynamic Formation of Ultrafine Ferrite Grains during High
Temperature Processing in Steel. Adv. Eng. Mater. 2017, 19, 1600778. [CrossRef]

3. Fang, Y.; Chen, X.; Madigan, B.; Cao, H.; Konovalov, S. Effects of Strain Rate on the Hot Deformation Behavior and Dynamic
Recrystallization in China Low Activation Martensitic Steel. Fusion Eng. Des. 2016, 103, 21–30. [CrossRef]

4. Nicolaÿ, A.; Fiorucci, G.; Franchet, J.M.; Cormier, J.; Bozzolo, N. Influence of Strain Rate on Subsolvus Dynamic and Post-Dynamic
Recrystallization Kinetics of Inconel 718. Acta Mater. 2019, 174, 406–417. [CrossRef]

5. Yu, S.; Du, L.X.; Hu, J.; Misra, R.D.K. Effect of Hot Rolling Temperature on the Microstructure and Mechanical Properties of
Ultra-Low Carbon Medium Manganese Steel. Mater. Sci. Eng. A 2018, 731, 149–155. [CrossRef]

6. Ghosh, S.; Komi, J.; Mula, S. Flow Stress Characteristics and Design of Innovative 3-Steps Multiphase Control Thermomechanical
Processing to Produce Ultrafine Grained Bulk Steels. Mater. Des. 2020, 186, 108297. [CrossRef]

7. Zhang, W.; Zhang, J.; Han, Y.; Liu, R.; Zou, D.; Qiao, G. Metadynamic Recrystallization Behavior of As-Cast 904L Superaustenitic
Stainless Steel. J. Iron Steel Res. Int. 2016, 23, 151–159. [CrossRef]

8. Raabe, D. Cellular Automata in Materials Science with Particular Reference to Recrystallization Simulation. Annu. Rev. Mater.
Res. 2002, 32, 53–76. [CrossRef]

9. Chen, F.; Zhu, H.; Zhang, H.; Cui, Z. Mesoscale Modeling of Dynamic Recrystallization: Multilevel Cellular Automaton
Simulation Framework. Metall. Mater. Trans. A 2020, 51, 1286–1303. [CrossRef]

10. Zhang, F.; Liu, D.; Yang, Y.; Wang, J.; Liu, C.; Zhang, Z.; Wang, H. Modeling and Simulation of Dynamic Recrystallization for
Inconel 718 in the Presence of Delta Phase Particles Using a Developed Cellular Automaton Model. Model. Simul. Mater. Sci. Eng.
2019, 27, 035002. [CrossRef]

11. Bararpour, S.M.; Jamshidi Aval, H.; Jamaati, R. Cellular Automaton Modeling of Dynamic Recrystallization in Al-Mg Alloy
Coating Fabricated Using the Friction Surfacing Process. Surf. Coat. Technol. 2021, 407, 126784. [CrossRef]

12. Liu, H.; Zhang, J.; Xu, B.; Xu, X.; Zhao, W. Prediction of Microstructure Gradient Distribution in Machined Surface Induced by
High Speed Machining through a Coupled FE and CA Approach. Mater. Des. 2020, 196, 109133. [CrossRef]

13. Madej, Ł.; Sitko, M.; Legwand, A.; Perzynski, K.; Michalik, K. Development and Evaluation of Data Transfer Protocols in the
Fully Coupled Random Cellular Automata Finite Element Model of Dynamic Recrystallization. J. Comput. Sci. 2018, 26, 66–77.
[CrossRef]

14. Kim, D.-K.; Woo, W.; Park, W.-W.; Im, Y.-T.; Rollett, A. Mesoscopic Coupled Modeling of Texture Formation during Recrystalliza-
tion Considering Stored Energy Decomposition. Comput. Mater. Sci. 2017, 129, 55–65. [CrossRef]

197



Materials 2021, 14, 2947

15. Shen, G.; Hu, B.; Zheng, C.; Gu, J.; Li, D. Coupled Simulation of Ferrite Recrystallization in a Dual-Phase Steel Considering
Deformation Heterogeneity at Mesoscale. Comput. Mater. Sci. 2018, 149, 191–201. [CrossRef]

16. Li, H.; Sun, X.; Yang, H. A Three-Dimensional Cellular Automata-Crystal Plasticity Finite Element Model for Predicting the
Multiscale Interaction among Heterogeneous Deformation, DRX Microstructural Evolution and Mechanical Responses in
Titanium Alloys. Int. J. Plast. 2016, 87, 154–180. [CrossRef]

17. Barkóczy, P.; Roósz, A.; Geiger, J. Simulation of Recrystallization by Cellular Automaton Method. Mater. Sci. Forum 2003, 414–415,
359–364. [CrossRef]

18. Zheng, C.; Xiao, N.; Li, D.; Li, Y. Microstructure Prediction of the Austenite Recrystallization during Multi-Pass Steel Strip Hot
Rolling: A Cellular Automaton Modeling. Comput. Mater. Sci. 2008, 44, 507–514. [CrossRef]

19. Chen, F.; Cui, Z. Mesoscale Simulation of Microstructure Evolution during Multi-Stage Hot Forging Processes. Model. Simul.
Mater. Sci. Eng. 2012, 20, 045008. [CrossRef]

20. Łach, Ł.; Svyetlichnyy, D. Multiscale Model of Shape Rolling Taking into Account the Microstructure Evolution—Frontal Cellular
Automata. Adv. Mater. Res. 2014, 998–999, 545–548. [CrossRef]

21. Łach, Ł.; Svyetlichnyy, D. Frontal Cellular Automata Simulations of Microstructure Evolution during Shape Rolling. Mater. Res.
Innov. 2014, 18, S6-295. [CrossRef]

22. Svyetlichnyy, D. Simulation of Microstructure Evolution during Shape Rolling with the Use of Frontal Cellular Automata. ISIJ Int.
2012, 52, 559–568. [CrossRef]

23. Zheng, C.; Xiao, N.; Hao, L.; Li, D.; Li, Y. Numerical Simulation of Dynamic Strain-Induced Austenite-Ferrite Transformation in a
Low Carbon Steel. Acta Mater. 2009, 57, 2956–2968. [CrossRef]

24. Zheng, C.; Raabe, D. Interaction between Recrystallization and Phase Transformation during Intercritical Annealing in a
Cold-Rolled Dual-Phase Steel: A Cellular Automaton Model. Acta Mater. 2013, 61, 5504–5517. [CrossRef]

25. Lan, Y.J.; Xiao, N.M.; Li, D.Z.; Li, Y.Y. Mesoscale Simulation of Deformed Austenite Decomposition into Ferrite by Coupling a
Cellular Automaton Method with a Crystal Plasticity Finite Element Model. Acta Mater. 2005, 53, 991–1003. [CrossRef]

26. Su, B.; Ma, Q.; Han, Z. Modeling of Austenite Decomposition during Continuous Cooling Process in Heat Treatment of
Hypoeutectoid Steel with Cellular Automaton Method. Steel Res. Int. 2017, 88, 1600490. [CrossRef]

27. Zhu, B.; Zhang, Y.; Wang, C.; Liu, P.X.; Liang, W.K.; Li, J. Modeling of the Austenitization of Ultra-High Strength Steel with
Cellular Automation Method. Metall. Mater. Trans. A 2014, 45, 3161–3171. [CrossRef]

28. Su, B.; Han, Z.; Liu, B. Cellular Automaton Modeling of Austenite Nucleation and Growth in Hypoeutectoid Steel during Heating
Process. ISIJ Int. 2013, 53, 527–534. [CrossRef]

29. An, D.; Baik, S.; Pan, S.; Zhu, M.; Isheim, D.; Krakauer, B.W.; Seidman, D.N. Evolution of Microstructure and Carbon Distribution
During Heat Treatments of a Dual-Phase Steel: Modeling and Atom-Probe Tomography Experiments. Metall. Mater. Trans. A
2018, 50, 436–450. [CrossRef]

30. An, D.; Chen, S.; Sun, D.; Pan, S.; Krakauer, B.W.; Zhu, M. A Cellular Automaton Model Integrated with CALPHAD-Based
Thermodynamic Calculations for Ferrite-Austenite Phase Transformations in Multicomponent Alloys. Comput. Mater. Sci. 2019,
166, 210–220. [CrossRef]

31. Bos, C.; Mecozzi, M.G.; Sietsma, J. A Microstructure Model for Recrystallisation and Phase Transformation during the Dual-Phase
Steel Annealing Cycle. Comput. Mater. Sci. 2010, 48, 692–699. [CrossRef]

32. Vertyagina, Y.; Mahfouf, M.; Xu, X. 3D Modelling of Ferrite and Austenite Grain Coarsening Using Real-Valued Cellular Automata
Based on Transition Function. J. Mater. Sci. 2013, 48, 5517–5527. [CrossRef]

33. Li, D.Z.; Xiao, N.M.; Lan, Y.J.; Zheng, C.W.; Li, Y.Y. Growth Modes of Individual Ferrite Grains in the Austenite to Ferrite
Transformation of Low Carbon Steels. Acta Mater. 2007, 55, 6234–6249. [CrossRef]

34. Chen, H.; van der Zwaag, S. A General Mixed-Mode Model for the Austenite-to-Ferrite Transformation Kinetics in Fe–C–M
Alloys. Acta Mater. 2014, 72, 1–12. [CrossRef]

35. Purdy, G.R.; Brechet, Y.J.M. A Solute Drag Treatment of the Effects of Alloying Elements on the Rate of the Proeutectoid Ferrite
Transformation in Steels. Acta Metall. Mater. 1995, 43, 3763–3774. [CrossRef]

36. Chen, F.; Cui, Z.; Liu, J.; Chen, W.; Chen, S. Mesoscale Simulation of the High-Temperature Austenitizing and Dynamic
Recrystallization by Coupling a Cellular Automaton with a Topology Deformation Technique. Mater. Sci. Eng. A 2010, 527,
5539–5549. [CrossRef]

37. Humphreys, J.; Rohrer, G.S.; Rollett, A. Chapter 7—Recrystallization of Single-Phase Alloys. In Recrystallization and Related
Annealing Phenomena, 3rd ed.; Humphreys, J., Rohrer, G.S., Rollett, A., Eds.; Elsevier: Oxford, UK, 2017; pp. 245–304. ISBN
978-0-08-098235-9.

38. Mecking, H.; Kocks, U.F. Kinetics of Flow and Strain-Hardening. Acta Metall. 1981, 29, 1865–1875. [CrossRef]
39. Hatta, N.; Kokado, J.; Kikuchi, S.; Takuda, H. Modelling on Flow Stress of Plain Carbon Steel at Elevated Temperatures. Steel Res.

1985, 56, 575–582. [CrossRef]
40. Yoshie, A.; Fujita, T.; Fujioka, M.; Okamoto, K.; Morikawa, H. Formulation of the Decrease in Dislocation Density of Deformed

Austenite Due to Static Recovery and Recrystallization. ISIJ Int. 1996, 36, 474–480. [CrossRef]
41. Barnoush, A.; Asgari, M.; Johnsen, R. Resolving the Hydrogen Effect on Dislocation Nucleation and Mobility by Electrochemical

Nanoindentation. Scr. Mater. 2012, 66, 414–417. [CrossRef]

198



Materials 2021, 14, 2947

42. Ivasishin, O.M.; Shevchenko, S.V.; Vasiliev, N.L.; Semiatin, S.L. A 3-D Monte-Carlo (Potts) Model for Recrystallization and Grain
Growth in Polycrystalline Materials. Mater. Sci. Eng. A 2006, 433, 216–232. [CrossRef]

43. Ding, R.; Guo, Z.X. Coupled Quantitative Simulation of Microstructural Evolution and Plastic Flow during Dynamic Recrystal-
lization. Acta Mater. 2001, 49, 3163–3175. [CrossRef]

44. Chen, F.; Qi, K.; Cui, Z.; Lai, X. Modeling the Dynamic Recrystallization in Austenitic Stainless Steel Using Cellular Automaton
Method. Comput. Mater. Sci. 2014, 83, 331–340. [CrossRef]

45. Fan, X.G.; Yang, H.; Sun, Z.C.; Zhang, D.W. Quantitative Analysis of Dynamic Recrystallization Behavior Using a Grain Boundary
Evolution Based Kinetic Model. Mater. Sci. Eng. A 2010, 527, 5368–5377. [CrossRef]

46. Roberts, W.; Ahlblom, B. A Nucleation Criterion for Dynamic Recrystallization during Hot Working. Acta Metall. 1978, 26,
801–813. [CrossRef]

47. Takeuchi, S.; Argon, A.S. Steady-State Creep of Single-Phase Crystalline Matter at High Temperature. J. Mater. Sci. 1976, 11,
1542–1566. [CrossRef]

48. Davies, C.H.J. Growth of Nuclei in a Cellular Automaton Simulation of Recrystallisation. Scr. Mater. 1997, 36, 35–40. [CrossRef]
49. Kugler, G.; Turk, R. Modeling the Dynamic Recrystallization under Multi-Stage Hot Deformation. Acta Mater. 2004, 52, 4659–4668.

[CrossRef]
50. Song, X.; Rettenmayr, M. Modelling Study on Recrystallization, Recovery and Their Temperature Dependence in Inhomoge-

neously Deformed Materials. Mater. Sci. Eng. A 2002, 332, 153–160. [CrossRef]
51. Zhang, J.; Zheng, C.-W.; Li, D.-Z. A Multi-Phase Field Model for Static Recrystallization of Hot Deformed Austenite in a C-Mn

Steel. Acta Metall. Sin. Engl. Lett. 2018, 31, 208–215. [CrossRef]
52. Kremeyer, K. Cellular Automata Investigations of Binary Solidification. J. Comput. Phys. 1998, 142, 243–263. [CrossRef]
53. Umemoto, M.; Guo, Z.H.; Tamra, I. Effect of Cooling Rate on Grain Size of Ferrite in Carbon Steel. Mater. Sci. Technol. 1987, 3,

249–255. [CrossRef]
54. Offerman, S.E.; van Dijk, N.H.; Sietsma, J.; Grigull, S.; Lauridsen, E.M.; Margulies, L.; Poulsen, H.F.; Rekveldt, M.T.; van der

Zwaag, S. Grain Nucleation and Growth During Phase Transformations. Science 2002, 298, 1003–1005. [CrossRef] [PubMed]
55. Krielaart, G.P.; Van Der Zwaag, S. Kinetics of γ → α Phase Transformation in Fe-Mn Alloys Containing Low Manganese. Mater.

Sci. Technol. 1998, 14, 10–18. [CrossRef]
56. Fazeli, F.; Militzer, M. Application of Solute Drag Theory to Model Ferrite Formation in Multiphase Steels. Metall. Mater. Trans. A

2005, 36, 1395–1405. [CrossRef]
57. Zhu, B.; Militzer, M. Phase-Field Modeling for Intercritical Annealing of a Dual-Phase Steel. Metall. Mater. Trans. A 2015, 46,

1073–1084. [CrossRef]
58. Militzer, M.; Mecozzi, M.; Sietsma, J.; Van Der Zwaag, S. Three-Dimensional Phase Field Modelling of the Austenite-to-Ferrite

Transformation. Acta Mater. 2006, 54, 3961–3972. [CrossRef]
59. Li, Z.; Xu, Y.; Wu, D.; Zhao, X.; Wang, G. Investigation on recrystallization and dislocation densityin high temperature deformed

of C-Mn steel. Res. Iron Steel 2004, 32, 35–38. [CrossRef]
60. Sun, W.P.; Hawbolt, E.B. Comparison between Static and Metadynamic Recrystallization—An Application to the Hot Rolling of

Steels. ISIJ Int. 1997, 37, 1000–1009. [CrossRef]
61. Wang, Z.; Sun, S.; Wang, B.; Shi, Z.; Zhang, R.; Fu, W. Effect of Grain Size on Dynamic Recrystallization and Hot-Ductility

Behaviors in High-Nitrogen CrMn Austenitic Stainless Steel. Metall. Mater. Trans. A 2014, 45, 3631–3639. [CrossRef]
62. Dehghan-Manshadi, A.; Hodgson, P.D. Dependency of Recrystallization Mechanism to the Initial Grain Size. Metall. Mater. Trans.

A 2008, 39, 2830. [CrossRef]

199





materials

Article

Shaping Microstructure and Mechanical Properties of
High-Carbon Bainitic Steel in Hot-Rolling and Long-Term
Low-Temperature Annealing

Tomasz Dembiczak 1,* and Marcin Knapiński 2
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Abstract: Based on the research results, coefficients in constitutive equations, describing the kinetics
of dynamic, meta-dynamic, and static recrystallization in high-carbon bainitic steel during hot defor-
mation were determined. The developed mathematical model takes into account the dependence of
the changing kinetics in the structural size of the preliminary austenite grains, the value of strain,
strain rate, temperature, and time. Physical simulations were carried out on rectangular specimens.
Compression tests with a flat state of deformation were carried out using a Gleeble 3800. Based on
dilatometric studies, coefficients were determined in constitutive equations, describing the grain
growth of the austenite of high-carbon bainite steel under isothermal annealing conditions. The aim
of the research was to verify the developed mathematical models in semi-industrial conditions during
the hot-rolling process of high-carbon bainite steel. Analysis of the semi-industrial studies of the
hot-rolling and long-term annealing process confirmed the correctness of the predicted mathematical
models describing the microstructure evolution.

Keywords: high-carbon bainitic steel; dynamic and post-dynamic softening; hot-rolling; final mi-
crostructure and mechanical properties

1. Introduction

The dynamic development of modern technologies of the plastic processing of metals
is aimed at, in addition to giving the products the required shape, obtaining the most
favorable material structure that has a significant impact on the mechanical properties of
the product. Knowledge of the phenomena occurring during the plastic deformation of
metal at high temperature, both in the deformation gap and outside it, allows the structural
changes taking place in the processed material to be controlled. The modeling of thermo-
plastic processing processes is currently one of the most effective research methods used in
the optimization of the technological parameters of these processes. The most important
advantage of this method is that a quantitative description of the physical phenomena is
obtained, the course of which, during plastic processing, shapes the final microstructure
and mechanical properties of steel products. It also enables analysis of the influence
of the evolution of austenite grains in the metal forming phase at high temperature on
the dynamics of their decomposition during cooling and the obtained microstructure
of the product after cooling to ambient temperature. Currently, the development and
application of new materials and technologies requires a rapid transition from calculating
the theoretical results and research on a laboratory scale to industrial implementation.
Industrial research is the last, but usually very expensive, element of the implementation
process. These costs can be reduced substantially, and the process itself can be significantly
simplified and accelerated using modern methods of mathematical and physical modeling.
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There are many works on mathematical and physical modeling available in the scientific
literature, examples may be works [1–10].

The main objective of the research, the results of which are presented in the paper,
was to comprehensively develop numerical models of dynamic, meta-dynamic, and static
recrystallization phenomena occurring in alloy austenite during hot plastic working. High-
carbon bainitic steel, for which the final mechanical properties are obtained by long-term
low-temperature isothermal annealing, was tested. The product shaping process takes
place at high temperatures, most often by rolling flat products. For the correct design of
such a process, and in particular to determine the morphology of austenite after rolling,
an important element is the knowledge of the kinetics of the recovery processes of the
hot-deformed microstructure. The paper presents proprietary models of dynamic, meta-
dynamic, and static recrystallization kinetics of alloy austenite under the conditions of
hot plastic working. Changes in austenite grain size related to recrystallization processes
as well as the kinetics of its isothermal growth were also determined. The numerical
models developed on a laboratory scale using the Gleeble system were verified in rolling
conditions with the use of a semi-industrial technological line for sheet rolling (LPS). The
presented original research results are an added value to the current state of knowledge in
publications on the numerical models of the kinetics of the alloy austenite recrystallization
processes. The given numerical values of the equation coefficients enable other scientists
or engineers to model the recrystallization processes of the tested steel. They supplement
the database, which has been created for many years, on the quantitative assessment of
recrystallization phenomena occurring during hot plastic working.

The final mechanical properties of high-carbon bainitic steel are obtained by long-term
low-temperature isothermal annealing. During this process, carbide-free bainite is formed
in the microstructure in the form of strips with a thickness of 20–100 nanometers, which,
together with the residual austenite showing the TRIP effect, ensures very high strength
with good plasticity of the product. Work on the understanding of the phenomena related
to obtaining particularly high mechanical properties in steels of this type developed in the
first decade of the 21st century [11–14], but the available literature does not contain much
information on this subject, probably due to the potential use of this material for military
purposes. The paper also presents the results of tests of selected mechanical properties of
heavy plates from the analyzed steel rolled in various conditions after low-temperature
annealing for 70 h.

2. Materials and Methods

2.1. Material Descriptions

The material used for the study was high-carbon bainitic steel developed in the
Łukasiewicz Research Network—Institute of Iron Metallurgy in Gliwice [11], using the
results of basic research on bainitic transformation and bainite structure [12–17]. The new
generation bainitic steel is an alloy steel containing, depending on the intended use, 0.5 to
0.85% C, additions of Si, Mn, Co, Mo, Cr, and micro-additives of other elements. The use of
this composition allows very high hardness in the range of 600–700 HV and high strength
up to 2.5 GPa to be obtained, while maintaining good plastic properties. The special feature
of this steel is its high impact resistance, which is why its main application may be ballistic
shields. The use of ballistic shields made of high-carbon bainitic steel makes it possible to
reduce the weight of the shields, leading to material and energy savings. Newly developed
steel, in addition to applications in the defense industry, can also be used as a construction
material, impact and abrasion resistant layers in coal and rock mining, as well as protection
against explosion and rock impact. High-carbon bainitic steel is a new material, not yet
produced in Poland on an industrial scale. In Great Britain, industrial trials with steels
in this class have been successfully completed. The introduction of a new generation
bainitic steel for industrial production in Poland is planned in the coming years. Table
1 presents the chemical composition of high-carbon bainitic steel (Łukasiewicz Research
Network—Institute of Iron Metallurgy in Gliwice), which was the basic research material.
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Table 1. Chemical composition of high-carbon bainitic steel used in tests, mass%.

C Mn Si P S Cr Ni Mo

0.83 2.20 1.65 0.009 0.014 0.016 0.02 0.39
Co V Ti Al max. Al. metal. Cu N O
1.58 0.092 0.002 0.039 0.038 0.018 0.0040 0.0009

2.2. Plastic Flow Curves

Plastic flow curves for the studied steel were determined for the following temper-
atures: 900, 950, 1000, 1050 and 1100 ◦C, strain rate: 0.1; 1 and 10 s−1 and true strain
0–1. To determine the plastic flow curves of the steel, plastometric tests were carried out
using a Gleeble 3800 physical metallurgical processes simulator with a Hydrawedge II
module. For the plastometric tests, rectangular samples with dimensions in millimeters
of 10 × 15 × 20 were used. The plastic flow curves were determined in compression tests
with a flat deformation state, reflecting the conditions of the hot-rolling process.

2.3. Methodology for Developing Constitutive Equations Describing Kinetics of Dynamic
Recrystallization

The phenomenon of dynamic recrystallization occurring in the microstructure dur-
ing the hot deformation of steel was analyzed in two stages in the temperature range
of 900–1100 ◦C and at the strain rate of 0.1–10 s−1. In the first stage, based on the de-
veloped plastic flow curves, considering the temperature correction and strain rate, the
deformation parameters necessary to initiate the phenomenon of dynamic recrystallization
were determined. The dependence of the coefficient strengthening intensity θ as a func-
tion of stress was determined, describing the behavior of the material during hot plastic
deformation [18].

In the second stage of the mathematical modeling of dynamic recrystallization phe-
nomena, the coefficients found in constitutive equations εp, εkr, ε0.5 and dDRX were deter-
mined, considering the influence of the temperature, strain rate described by the Zener–
Hollomon (Z) parameter and the initial austenite grain size.

2.4. Methodology for Developing Constitutive Equations Describing Kinetics of Meta-Dynamic
Recrystallization

The kinetics of meta-dynamic recrystallization were analyzed using the stress re-
laxation method. This method involves performing a single plastic deformation, after
which the sample is held between anvils with the real-time recording of the decrease in
force. After plastic deformation, during which dynamic recrystallization was initiated, the
material undergoes a process of meta-dynamic recrystallization, as a result of which the
value of internal stress decreases. The advantage of this method is that the full course of
the recrystallization kinetics curve is obtained with only one compression test for selected
plastic deformation conditions.

Experimental studies aimed at developing the constitutive equations of meta-dynamic
recrystallization were carried out for a flat state of strain, using rectangular samples with
dimensions in millimeters of 10 × 15 × 20, at temperatures of 900 ◦C, 1000 ◦C, 1100 ◦C,
with a given plastic strain determined based on the model of dynamic recrystallization
kinetics, and at strain rates of 0.1 s−1 and 10 s−1. After deformation, the samples remained
under load for 10 s, while recording a decrease in pressure force reflecting stress relaxation
in high-carbon bainitic steel. The tests were carried out using the Gleeble 3800 physical
simulator. The experimental research was divided into two stages.

In the second stage of mathematical modeling research, the coefficients were deter-
mined in the constitutive equation describing the time of meta-dynamic half-recrystallization
t0.5MDRX as a function of the strain rate, temperature, and activation energy. The values of
the coefficients appearing in the constitutive equation describing the time t0.5MDRX and the
material constant were determined by logarithmizing both sides of the equation. Then,
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depending on the relationship between ln t0.5MDRX and ln
.
ε and ln t0.5MDRX and ln 1/T, the

ascending coefficients were determined in the constitutive equation.
Based on metallographic tests, a constitutive equation of the mathematical model

describing the size of meta-dynamically recrystallized grains dMDRX was developed as a
function of the Zener–Hollomon parameter. The coefficients appearing in this equation
were determined from the relation between ln dMDRX and ln Z.

2.5. Methodology for Developing Constitutive Equations Describing Kinetics of Static
Recrystallization

The kinetics analysis of static recrystallization was carried out using the stress relax-
ation method. The experimental tests were performed for the temperatures of 950 ◦C and
1050 ◦C, with given strains of 0.05 and 0.10, and at strain rates of 0.1 s−1 and 10 s −1. After
deformation, the samples remained under load for 100 s. The tests were carried out using
the Gleeble 3800 device and divided into two stages.

In the first stage, the analysis of the kinetics of static crystallization based on the
Avrami equation makes it possible to determine the time t0,5SRX needed to recrystallize 50%
of the material volume.

In the second stage of the tests coefficients were determined in the constitutive equa-
tion describing the time of half-static recrystallization t0.5SRX as a function of: strain, strain
rate, initial austenite grain size, and activation energy. The values of the coefficients ap-
pearing in the constitutive equation describing time t0.5SRX and the material constant were
determined after logarithmizing both sides of the equation. Then, depending on the rela-
tionships: ln t0.5SRX from ln ε, ln t0.5SRX from ln

.
ε, ln t0.5SRX from ln d0 and ln t0.5SRX from

ln 1/T, ascending coefficients were determined in the constitutive equation. Exponent n3
appearing in the equation describing the kinetics of static recrystallization was determined
from the relation between ln (ln (1/1 − X)) and ln t.

Based on metallographic examination, the constitutive equation of the model describ-
ing the size of statically recrystallized grains dSRX as a function of the initial austenite grain
size, strain, strain rate, and activation energy was developed. The coefficients appearing in
this equation were determined from the relation: ln dSRX from ln d0, ln dSRX from ln ε, ln
dSRX from ln

.
ε, ln dSRX from ln 1/T.

2.6. Methodology for Developing Constitutive Equations Describing Growth of Alloy Austenite
Grains

To develop a constitutive equation describing the growth of the alloy austenite grains,
tests were conducted under isothermal heating conditions. The tests consisted of heating
the samples to a given temperature, holding them for a specified period of time and rapid
cooling leading to freezing of the structure. Then, metallographic tests were performed to
determine the size of the austenite grains. The tests were carried out for temperatures of
900 ◦C, 1000 ◦C and 1100 ◦C. The samples were held for 0, 10, 30, 60, 90 min. The tests were
carried out on cylindrical samples with dimensions in millimeters φ 5 × 10 using a DIL 805
A/D dilatometer. Based on the conducted tests, constitutive equations describing the grain
growth of high-carbon bainitic steel under isothermal heating conditions were developed.

2.7. The Process of Rolling High-Carbon Bainitic Steel in Industrial Conditions

The aim of the research on a semi-industrial scale was to verify the mathematical
models describing the evolution of the microstructure during the hot-rolling process of
high-carbon bainite steel. The tests were carried out for three variants with the end
temperatures of rolling: 950, 900 and 850 ◦C. After rolling, the end section of the strand,
approximately 40 cm long, was quenched in a bath filled with water to freeze the structure.
The strand at 250 ◦C was placed in an oven heated to 250 ◦C and annealed for 70 h for
low-temperature heat treatment.
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3. Results

Table 2 shows the results of the metallographic examinations under which the primary
austenite grain size was defined.

Table 2. Preliminary austenite grain size.

Temperature (◦C) Grain Size (μm)

900 29.1
950 31.7

1000 32.1
1050 89.4
1100 92.8

During analysis of the plastic flow curves, a problem arises from the uncontrolled
temperature increase of the sample resulting from strain occurring especially at strain
rates higher than 5 s−1. The mathematical description of the plastic flow curves using
Equation (1) makes it possible to introduce a temperature correction [19–21]:

σp = f
(
ε,

.
ε
)
e

Q
RnT (1)

where: ε—stres,
.
ε—strain rate Q—activation energy, R—gas constant, T—temperature,

n—material constant.
By logarithmizing Equation (1) for the constant strain value and strain rate 0.1; 1 and

10 s−1, a relationship was obtained between the logarithm of the metal flow stress and the
reciprocal of the temperature. Based on the performed linear regression for the relationship
ln (σ) − 1/T (Figure 1), the activation energy was determined for high-carbon bainitic steel.

Figure 1. Relationship between yield stress and temperature for different strain rates.

Figure 2 shows the relationship between the activation energy and the strain rate. It
was assumed that for the researched steel the dependence of the activation energy on the
strain rate is logarithmic [22,23].
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Figure 2. Change in activation energy as a function of strain rate from linear regression equation.

Finally, the following equation was used to describe the influence of the temperature
and strain rate:

σp = f
(
ε,

.
ε
) .
ε

c1
T e

c2
T (2)

where: c1, c2—coefficients dependent on the material, experimentally determined
The values of the coefficients (c1 = −322.89, c2 = 6408.9) and function f were determined

from the regression equations and the measurement data provided in Figure 2. The
coefficients developed in Equation (2) made it possible to correct the metal flow stress for
the given deformation value, assumed temperature, and strain rate. An example of the
course of an adjusted plastic flow curve of high-carbon bainitic steel is shown in Figure 3.

Figure 3. Plastic flow curves of high-carbon bainitic steel at strain rate of 10 s−1 at a temperature of
900–1100 ◦C.

By analyzing the obtained plastic flow curves, it can be concluded that in the examined
temperature range and strain rate 10 s−1, dynamic recrystallization in the steel takes place
after exceeding the critical deformation value, and following this, the curves fall slightly
in the directions of lower stress values, going into a steady state. This phenomenon is the
dominant factor in the reconstruction of the structure.
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3.1. Dynamic Recrystallization

The developed material coefficients in the mathematical models describing the phe-
nomenon of dynamic recrystallization in high-carbon bainite steel are presented in detail
in the authors’ research [24].

The determined coefficients in the constitutive equation describing peak strain εp for
the investigated steel are as follows [18,24–28]:

εp = 0.0656d−0.2338
0 Z0.0634 (3)

Critical strain εkr and peak strain εp are related by the material constant c, the ex-
perimental method of determination of which is shown in the work [24], and the mutual
dependence of these strains is described by the following equation:

c =
εkr
εp

= 0.6220 (4)

The value of constant c is an average value quotient of εkr/εp, determined for tem-
peratures of 900–1100 ◦C and strain rates 0.1, 1 and 10 s−1. The constitutive equation
defining critical strain εkr was determined based on Equations (3) and (4) and finally has
the following forms [24]:

εkr = 0.0408d−0.2338
0 Z0.0634 (5)

Finally, for the investigated steel, strain ε0.5 was described by the equation [24]:

ε0.5 = 0.1333d−0.2434
0 Z0.064 (6)

The kinetics of dynamic recrystallization is described as follows [24]:

XDRX(t) = 1 − exp

[
−4.3802

(
ε− εkr

ε0.5 − εkr

)2.2394
]

(7)

The equation describing the average size of dynamically recrystallized grains is de-
scribed in the paper [24] as follows:

dDRX = 11,111.1Z−0.1535 (8)

3.2. Meta-Dynamic Recrystallization

The value of plastic deformation in the experimental tests was selected based on the
developed model describing the kinetics of dynamic recrystallization (Equation (7)) for
two strain rates 0.1 and 10 s−1. The development of a model describing the kinetics of this
recrystallization in high-carbon bainite steel was carried out in two stages.

In the first stage, the change in the steel residual stresses as a function of time from
the end of plastic deformation was analyzed using the stress relaxation method. Figure 4
shows examples of the curves of the steel residual stresses changes occurring during tests
at temperatures of 900, 1000 and 1100 ◦C after plastic deformation of 0.28 set at the strain
rates of 0.1 and 10 s−1.

To evaluate the phase meta-dynamically recrystallized after time (t), the softening
coefficient was used, defined as follows:

XmMDRX(t) =
(

σrs − σrt(t)
σrs − σrf

)
(9)

where: σrs—initial stress value on the stress relaxation curve, σrt (t)—stress value during
time relaxation (t), σrf—final stress value after completion of the relaxation process.

Table 3 shows examples of the calculated values of the softening coefficient of the
investigated steel.
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(a) (b) 

Figure 4. Stress relaxation of high-carbon bainitic steel in temperature range 900–1100 ◦C and plastic deformation 0.28:
(a) for strain rate 0.1 s−1, (b) strain rate 10 s−1.

Table 3. Values of softening coefficient under conditions of meta-dynamic recrystallization.

T (◦C) ε (-)
.
ε (s−1) t (s) XmMDRX

950 0.28 0.1
1 0.680
5 0.839
10 0.916

1000 0.28 0.1
1 0.686
5 0.951
10 0.986

1100 0.28 0.1
1 0.894
5 0.974
10 0.995

Based on the softening fraction, the kinetics of meta-dynamic recrystallization were
developed according to the Avrami equation:

X = 1 − e(−ktn) (10)

where: X—fraction of the recrystallized phase, t—time (s), k, n—coefficients for a given
material grade determined experimentally

Figure 5 shows the dependencies based on which coefficients (k) and (n) were deter-
mined for the temperature of 900 ◦C, strain 0.28 and strain rate 0.1 s−1.

The determined coefficients in the Avrami equation made it possible to describe the
course of meta-dynamic recrystallization of the examined steel as a function of time for the
deformation temperatures 900, 1000, 1100 ◦C and strain rates 0.1 and 10 s−1. Based on the
quantitative description of the kinetics of meta-dynamic recrystallization, the time needed
for 50% of the material to recrystallize was determined. In the next stage of the research,
the determined times of half-recrystallization were used to develop a constitutive equation
describing t0.5MDRX as a function of the strain rate and activation energy. Table 4 shows the
determined Avrami equation coefficients for the researched steel at temperatures 900, 1000,
1100 ◦C, strain 0.28 and strain rate 0.1 s−1.
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Figure 5. Dependence of ln (ln (1/1 − X)) on ln t for T = 900 ◦C; ε = 0.28;
.
ε = 0.1 s−1.

Table 4. Kinetics of meta-dynamic recrystallization based on Avrami equation.

T (◦C) ε (-)
.
ε (s−1) Avrami Equation

900 0.28 0.1 X = 1 − exp(−0.2566t0.1753)
1000 0.28 0.1 X = 1 – exp(−0.6850t0.803)
1100 0.28 0.1 X = 1 – exp(−1.6706t0.4532)

Figure 6 shows examples of meta-dynamic recrystallization determined based on the
Avrami equation for T = 900, 1000, 1100 ◦C and

.
ε = 0.1 s−1.

Figure 6. Kinetics of meta-dynamic recrystallization in high-carbon bainite steel based on Avrami
equation.

In the second stage of the research, the material constants appearing in the constitutive
equation describing the time of half meta-dynamic recrystallization t0.5MDRX in high-carbon
bainite steel were determined. Figures 7 and 8 show the dependencies used to determine
the coefficients in t0.5MDRX.
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Figure 7. Dependence of half time of meta-dynamic recrystallization (ln t0.5) on strain rate (ln
.
ε).

Figure 8. Dependence of half time of meta-dynamic recrystallization (ln t0.5) on temperature (1/T).

The time needed to obtain 50% of the meta-dynamically recrystallized phase in high-
carbon bainite steel is described as follows:

t0.5MDRX = 5.05 × 10−24 .
ε
−0.4318

e(
539703.3

RT ) (11)

The exponent in the equation describing the kinetics of meta-dynamic recrystallization
was determined based on the dependence presented in Figure 9.

 
Figure 9. Relationship ln (ln (1/1 − X)) to ln t in range T = 900–1100 ◦C; ε = 0.28;

.
ε = 0.1–10 s−1.
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The conducted research made it possible to determine all the coefficients of Equation (12)
describing the amount of meta-dynamically recrystallized phase of material XMDRX de-
pending on the elapsed time (t) and considering the time t0.5MDRX needed to obtain 50% of
the meta-dynamically recrystallized phase in material.

XMDRX = 1 − exp

[
−0.6931 ·

(
t

t0.5MDRX

)0.3435
]

(12)

Figure 10 shows the kinetics of meta-dynamic recrystallization for high-carbon bainite
steel according to the models described in Equations (11) and (12).

Figure 10. Kinetics of meta-dynamic recrystallization of high-carbon bainitic steel for
T = 900–1100 ◦C,

.
ε = 0.1 s−1.

To determine the material coefficients of the model describing the grain size of meta-
dynamically recrystallized austenite, metallographic tests were carried out after the per-
formed experimental tests. Figure 11 shows an example of the microstructure of the
meta-dynamically recrystallized alloy austenite grains obtained from the experimental
tests carried out. 1.

 

Figure 11. Microstructure of sample after experimental tests for T = 900 ◦C; ε = 0.28;
.
ε = 0.1 s−1 dγ =

23.7 μm; area 200×; etched with picric acid (C6H3N3O7).

Figure 12 shows the dependence based on which the material constants were deter-
mined in the model describing the size of the meta-dynamically recrystallized grains in
high-carbon bainite steel.
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Figure 12. Dependence of meta-dynamically recrystallized austenite grains (ln dMDRX) on Zener–
Hollomon parameter (ln Z).

The model describing the size of the meta-dynamically crystallized grains for the
studies steel is as follows:

dMDRX = 68.875Z−0.0287 (μm) (13)

3.3. Static Recrystallization

The value of plastic deformation in the experimental tests was selected based on
analysis of the developed model describing the kinetics of the phenomenon of dynamic
recrystallization and critical deformation described in the authors’ work [24]. Based on
these data, it was found that only static recrystallization occurs in the material if it is
deformed to a plastic deformation value not greater than 0.1. The development of a model
describing the kinetics of static recrystallization in high-carbon bainite steel was carried
out in two stages.

In the first stage of the research, an analysis of the change in residual stress as a
function of time from the moment of the end of plastic deformation was carried out using
the stress relaxation method. Figure 13 show examples of the curves of the steel residual
stress changes occurring during the tests at the temperatures of 950 and 1050 ◦C after
plastic deformation of 0.05 and 0.1 at the strain rates of 0.1 and 10 s−1.

To evaluate the amount of statically recrystallized phase after time (t), analysis of the
softening degree of the material was used in accordance with Equation (9). Table 5 shows
examples of the calculated softening degree of the examined steel for temperatures of 950
and 1050 ◦C, strain 0.1 and strain rate 10 s−1.

To develop a model of static recrystallization kinetics for the investigated steel, the
Avrami equation was used to describe the dependence of the softening fraction as a function
of time for individual parameters of the deformation Equation (10). Figure 14 shows the
relationship based on which the material coefficients were determined.

Table 5. Obtained results of static recrystallization using the stress relaxation method.

T (◦C) ε (-)
.
ε (s−1) t (s) XmMDRX

950 0.1 10

1 0.884
10 0.948
50 0.951
100 0.979

1050 0.1 10

1 0.912
10 0.966
50 0.979
100 0.994
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(a) (b) 

Figure 13. Stress relaxation of high-carbon bainite steel for temperature 950 and 1050 ◦C: (a) ε = 0.05;
.
ε = 0.1 s−1, (b) ε =

0.15;
.
ε = 10 s−1.

Figure 14. Dependence of ln (ln (1/1 − X)) on ln t for T = 950 ◦C; ε = 0.05;
.
ε = 0.1s−1.

For all the deformation values, strain rates and temperatures analyzed at this stage,
the values of the coefficients of Equation (10) were determined in accordance with the
methodology shown in Figure 14. Table 6 presents exemplary equations with the deter-
mined coefficients that describe the change in the proportion of the statically recrystallized
phase X in the material with the passage of time (t).

Table 6. Kinetics of static recrystallization based on Avrami equation.

T (◦C) ε (-)
.
ε (s−1) Avrami Equation

950 0.1 10 X = 1 − exp(−2.0456t0.1451)
1050 0.1 10 X = 1 − exp(−2.4133t0.2138)

Figure 15 shows the course of static recrystallization based on the Avrami equation
for the temperature of 950 ◦C, strain 0.05 and strain rate 0.1 s−1.

The description of the relationship between the amount of statically recrystallized
phase and time by means of equations made it possible to precisely determine the half
times of static recrystallization for the given parameters of plastic deformation.

In the second step, the coefficients were determined in the model describing t0.5SRX
as a function of the strain, strain rate, temperature, and initial grain size. Figure 16 shows
the dependencies used to determine the coefficients in the model describing t0.5SRX in
high-carbon bainite steel.
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Figure 15. Kinetics of static recrystallization in high-carbon bainitic steel based on Avrami equation.

The time needed to obtain 50% of the static recrystallized phase in high-carbon bainite
steel is described as follows:

for T ≤ 1000 ◦C

t0.5SRX = 6.2828 × 10−25ε−1.9188 .
ε
−0.7344d1.9256

0 e(
419690.7

RT ) (14)

for T > 1000 ◦C

t0.5SRX = 3.0514 × 10−21ε−1.6558 .
ε
−0.62355d1.9256

0 e(
318023

RT ) (15)

The exponent in the model describing the kinetics of static recrystallization was
determined from the relationship presented in Figure 17.

  
(a) (b) 

(c) (d) 

Figure 16. Dependence of half time of static recrystallization (ln t0.5) on: (a) ln ε, (b) ln
.
ε, (c) ln d0, (d) 1/T.
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Figure 17. Dependence of ln (ln1/1 − X)) on time (ln t) in range T = 950–1050 ◦C; ε = 0.05 and 0.1;
.
ε = 0.1 and 10 s−1, according to which exponent in model describing kinetics of static recrystallization
was determined.

The mathematical model describing the kinetics of static recrystallization in high-
carbon bainite steel is as follows:

XSRX = 1 − exp

[
−0.6931 ·

(
t

t0.5SRX

)0.1554
]

(16)

Figure 18 shows an example of the kinetics of static recrystallization based on the
developed model for high-carbon bainitic steel for the temperature range 900–100 ◦C, strain
rate 10 s−1 and strain 0.1.

Figure 18. Example of kinetics of static recrystallization in high-carbon bainitic steel based on the
developed coefficients in mathematical model.

To determine the material coefficients of the model describing the grain size of static
recrystallized austenite, metallographic tests were carried out after the performed experi-
mental tests. Figure 19 shows an example of the microstructure of static recrystallized alloy
austenite grains obtained from the conducted experimental tests.
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Figure 19. Microstructure of samples after experimental testing for T = 950 ◦C; ε = 0.1;
.
ε = 10 s−1;

dγ = 27.2 μm; area 75×; etched with picric acid (C6H3N3O7).

The mathematical model describing the size of the statically recrystallized grains was
developed based on the relationships shown in Figure 20.

  
(a) (b) 

 
(c) (d) 

 
(e) 

Figure 20. Dependence of statically recrystallized austenite grains (ln dSRX) on: (a) ln d0; (b) ln E; (c) ln
.
ε; (d) 1/T for different

values of strain, (e) 1/T for different values of strain rate.
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Based on the relations presented in Figure 20, the coefficients of the model describing
the size of the statically recrystallized grains were determined. The model for high-carbon
bainite steel is as follows:

dSRX = 7.362 × 10−3d0
−0.2379ε−0.5224 .

ε
−0.0177e(

80421.32
RT ) (μm) (17)

3.4. Isothermal Growth of Alloy Austenite Grains

During the rolling process, deformed and recrystallized austenite grains grow in the
gaps between deformations. The research was carried out to develop a model describing
grain growth during isothermal annealing. Figure 21 shows sample metallographic photos
of samples from the conducted experimental tests.

 
(a) (b) 

Figure 21. Size of austenite grains after growing at T = 1100 ◦C: (a) after 0 s, d0 = 59.7 μm; (b) after
3600 s, d0 = 98.1 μm; area 100×; etched with picric acid (C6H3N3O7).

Based on the measured austenite grain sizes, the growth kinetics are described by the
following equation:

d(t)14.66 = d14.66
rx +

(
7.79 × 1017

)
· t · e(

45279.96
RT ) (μm) (18)

3.5. The Process of Rolling High-Carbon Bainitic Steel in Industrial Conditions

The hot-rolling process on a semi-industrial scale was carried out in the LPS rolling
line located in the laboratory of the Department of Manufacturing Technology and Appli-
cation of Products in the Łukasiewicz Research Network—Institute of Iron Metallurgy in
Gliwice [10,29]. The rolling process was carried out for three variants: variant A with the
finish rolling temperature of 950 ◦C to obtain full recrystallization in the rolled strip, variant
B with the finish rolling temperature of 900 ◦C in order to obtain partial recrystallization in
the rolled strip, variant C with the finish rolling temperature of 850 ◦C in order to achieve
no recrystallization in the rolled strip. Figure 22 presents metallographic photos showing
the disclosed size of the alloy austenite grains in the samples from the rolling process
according to variants A, B, and C.

Figure 23 displays the course of changes in the average austenite grain size on the
time axis during the experimental tests. To analyze the evolution of the alloy austenite, the
average values of plastic strain, strain rate, and temperatures were used in the calculations.
The course of changes in the austenite grain size was obtained from the implemented
models of dynamic, meta-dynamic, and isothermal recrystallization of the grains. Due to
the small amount of material intended for actual rolling, it was only possible to compare
the amount of recrystallized phase in the steel and the austenite grain size after freezing
the structure for 8 s after the completion of rolling. The grain size of the alloy austenite
present in the ingot discharged from the rolling furnace was calculated based on earlier
research on grain growth and the isothermal grain growth model. It was calculated that
after about 50 min. of heating, the grain size is about 102 μm. Moreover, during transport
from the furnace to the rolling stand, it undergoes very slight growth, reaching a value
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of about 104 μm. The deformation set at the temperature of 1040 ◦C activates dynamic
and then meta-dynamic recrystallization of the steel. The effect of these phenomena is a
reduction in the average austenite grain size to about 25 μm.

 
(a) 

 
(b) 

 
(c) 

Figure 22. Average grain size: (a) variant A: T = 950 ◦C; dγ. = 26.3 μm, (b) variant B: T = 900 ◦C;
dγ. = 28.2 μm; (c) variant C: T = 850 ◦C; dγ. = 29.8 μm. Area 200×; etched with picric acid
(C6H3N3O7).

 
(a) 

 
(b) 

 
(c) 

Figure 23. Course of changes in grain size of alloy austenite under conditions of two plastic strains: (a) finish rolling
temperature of 950 ◦C, (b) finish rolling temperature of 900 ◦C, (c) finish rolling temperature of 850 ◦C.
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In the break between the deformations, which for individual rolling variants is from
18 to 71 s, the grain size increases slightly in the steel. On the other hand, the task of
the second deformation causes the activation of recrystallization processes of varying
intensity, which in turn leads to obtaining structures of various grain sizes in the steel
(Figure 22), while the average austenite grain size in all the studied rolling conditions is
similar and amounts to about 28 μm. The grain sizes measured based on the analysis of
the metallographic specimens reveal very small differences for the individual variants. It
should also be added that considering the difficulties in defining the boundaries of the
primary austenite grain and the accuracy of the adopted methods of quantitative analysis of
the microstructure, the measurement error should be at the level of about 10%. Comparing
the results of measurements of the austenite grain size obtained based on experimental
tests and mathematical modeling, it can be concluded that the coefficients appearing in the
models describing the size of dynamically and meta-dynamically recrystallized grains were
correctly developed. Figure 24 shows the verification of the developed model describing the
kinetics of meta-dynamic recrystallization with the results obtained based on experimental
tests. Based on quantitative metallography, the percentage of the recrystallized phase of
the research samples was determined.

 

Figure 24. Verification of developed model of microstructure evolution of high-carbon bainitic steel
based on experimental tests carried out on semi-industrial LPS rolling line.

The performed quantitative metallographic analysis of the samples taken from the
rolled strands after freezing the structure showed that in the considered variants of the
rolling process, different austenite recrystallization occurred. This is the effect of the
temperature values adopted in the third pass, at which the plastic deformations were
applied. For full verification of the results obtained from numerical models, it would be
advisable to conduct more experiments using the LPS line. Unfortunately, it turned out
to be impossible due to the lack of rolling material and the high costs of re-melting the
rolled sheets and subsequent rolling trials. Nonetheless, for the assumed experimental
conditions, the compliance of the amount of recrystallized phase in the steel predicted by
the developed numerical models and the final austenite grain size were confirmed.

3.6. Study of Mechanical Properties after Heat Treatment

Tests of the mechanical properties were carried out after the rolling process to deter-
mine whether the refinement of the alloy austenite obtained by recrystallization during
hot-rolling has an impact on the mechanical properties of the sheets after heat treatment.
Figure 25 presents metallographic photos, based on which the structure of the material was
identified after low-temperature heat treatment.
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(a) 

 
(b) 

 
(c) 

Figure 25. Martensitic-bainitic structure after low-temperature heat treatment at 250 ◦C for 70 h, area
750×: (a) variant A, (b) variant B, (c) variant C.

Tables 7 and 8 show the results of the measurements of Vickers hardness (HV) and
tensile strength (TS) after the heat treatment of high-carbon bainitic steel.

Table 7. Average values of Vickers hardness.

Variant Average Measurement Results Standard Deviation

A 681 HV10 27.6
B 680 HV10 17.2
C 706 HV10 16.8

Table 8. The mean values of the tensile strength.

Variant
Average Measurement Results

TS (MPa) A5 (%)

A 1892 1.7
B 1752 2.6
C 1668 2.2

The research results presented above indicate that the mechanical properties of the
sheets after heat treatment that most depend on the applied rolling scheme, and thus the
level of the austenite structure refinement, are the TS and elongation. The maximum TS
values were obtained for the sheets at the end of the rolling process at the temperature of
950 ◦C. The smallest elongation was also noted for these conditions. Nevertheless, taking
into account the results of plasticity tests, it can be concluded that 900 ◦C is the most
favorable end temperature of rolling among the one studied. For the sheet rolled in this
way, the most favorable plastic parameters were obtained.

4. Conclusions

The following conclusions were drawn from the conducted research.
Based on the results of the conducted experimental studies, the coefficients and mate-

rial constants appearing in the constitutive equations describing the phenomena occurring
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during hot plastic deformation were developed. Thus, a mathematical description of the
kinetics of the dynamic, meta-dynamic, static, and isothermal growth of austenite grains
was made. The coefficients and material constants appearing in the equations describing
the size of the dynamically, meta-dynamically, and statically recrystallized grains were
developed.

The investigated steel undergoes dynamic recrystallization quite quickly with the
increase in plastic strain. The value of the critical deformation εkr at the deformation speed
of 0.1 s−1 ranges from 0.11 to 0.20 at temperatures from 1100 to 900 ◦C.

In the examined steel, it was observed that at the temperatures of 950, 1000, 1050, and
1100 ◦C in the deformation rate range of 0.1÷10 s−1, full meta-dynamic recrystallization
takes place after times shorter than 10 s. However, for temperatures above 1000 ◦C, the
time after which the full volume of the material recrystallizes can only be estimated based
on the model forecast.

Static recrystallization processes are slower than meta-dynamic recrystallization. The
times of half-static recrystallization after deformation in the range of 0.05–0.10 at the rate of
deformation of 1 s−1 are: 1.38 × 10−4–0.63 s for temperatures in the range of 1100–900 ◦C.
Due to the relatively low values of critical deformations initiating dynamic recrystallization,
the share of static recrystallization in actual plastic working processes is relatively small.

The test rolling carried out in the LPS line provided a relatively small amount of
data that could be used to verify the developed models, which was associated with a
very limited amount of material for rolling. Notwithstanding, the analysis of the obtained
results, especially in the field of quantitative metallography, confirmed the correctness of
the forecasting of the developed mathematical models.

The presented results of mechanical tests of sheets after heat treatment show that the
TS is dependent on the applied rolling scheme, and thus the level of the austenite structure
refinement. The maximum value of TS = 1892 MPa was obtained for variant A with the
finish rolling temperature of 950 ◦C with full recrystallization in the rolled plate. The
influence on the final mechanical properties depends on the long-term low-temperature
heat treatment resulting in the formation of carbide-free bainite. It is a very long process,
and 70 hours of annealing may be not enough to reach full mechanical parameters. Probably
therefore we did not obtain the assumed level of TS up to the 2.5 GPa.
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Abstract: It is not realistic to optimize the roll pass design of profile rolling mills, which typically
roll hundreds of profiles, using physical modelling or operational rolling. The use of reliable models
of microstructure evolution is preferable here. Based on the mathematical equations describing
the microstructure evolution during hot rolling, a modified microstructure evolution model was
presented that better accounts for the influence of strain-induced precipitation (SIP) on the kinetics of
static recrystallization. The time required for half of the structure to soften, t0.5, by static recrystal-
lization was calculated separately for both situations in which strain-induced precipitation occurred
or did not occur. On this basis, the resulting model was more sensitive to the description of grain
coarsening in the high-rolling-temperature region, which is a consequence of the rapid progress of
static recrystallization and the larger interpass times during rolling on cross-country and continuous
mills. The modified model was verified using a plain strain compression test (PSCT) simulation of
rolling a 100-mm-diameter round bar performed on the Hydrawedge II hot deformation simulator
(HDS-20). Four variants of simulations were performed, differing in the rolling temperature in the
last four passes. For comparison with the outputs of the modified model, an analysis of the austenite
grain size after rolling was performed using optical metallography. For indirect comparison with the
model outputs, the SIP initiation time was determined based on the NbX precipitate size distribution
obtained by TEM. Using the PSCT and the outputs from the modified microstructure evolution model,
it was found that during conventional rolling, strain-induced precipitation occurs after the last pass
and thus does not affect the austenite grain size. By lowering the rolling temperature, it was possible
to reduce the grain size by up to 56 μm, while increasing the mean flow stress by a maximum of 74%.
The resulting grain size for all four modes was consistent with the operating results.

Keywords: static recrystallization; strain-induced precipitation; microstructure evolution; PSCT

1. Introduction

Thermomechanical steel processing, also referred to in the literature as controlled form-
ing, aims to achieve the desired microstructure, i.e., the desired mechanical and physical
properties, of the final product. This is primarily achieved by refining the final ferritic grain,
which is transformed from deformed austenite. Controlled forming is, therefore, possible
in order to achieve the desired properties of the product, with a significant reduction in
the alloying content elements and heat treatment costs compared to conventionally rolled
material [1,2]. Controlled forming has been extensively described in the literature [2–5].
Therefore, the following text briefly describes three selected types of controlled forming
using mainly retarding austenite recrystallization due to a combination of microalloying
elements in solid solution and interactions between recrystallization and strain-induced
precipitation (SIP).

Recrystallization-controlled rolling is commonly used for rolling thick plates and
thin-walled seamless tubes, where the rolling forces are close to the limit value of rolling
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mills [6]. The forming process is carried out at high temperatures (above 950 ◦C), and
complete static recrystallization (SRX) can occur during the interpass times. For this
purpose, steel microalloying elements, i.e., Ti and V, are added to the steel to allow complete
static recrystallization (SRX) between passes and simultaneously prevent grain growth
after recrystallization before the following pass. The addition of Ti leads to the precipitation
(SIP) of TiN during the continuous casting of the billets, which then prevents extensive
grain growth after recrystallization. The addition of V leads to the precipitation of VN in
the ferritic region, which leads to hardening of the steel. The recrystallization-controlled
forming process should be associated with high cooling rates to achieve a fine ferritic grain
after transformation from austenite. This method can achieve a ferritic grain size of about 7
to 10 μm [2–7].

Conventional controlled rolling aims to produce flattened austenitic grains due to
plastic deformation without any softening process, leading to increased nucleation sites
for transforming from austenite to ferrite. This process then leads to the formation of fine
ferritic grains approximately 5 to 8 μm in size. Conventional controlled rolling generally
involves high heating temperatures to achieve the complete transition of the microalloying
elements, i.e., Nb and V, into a solid solution. During the rolling process, which takes place
below zero recrystallization temperature, strain-induced precipitation of Nb(C, N) occurs,
causing complete suppression of recrystallization between each pass [2–7].

Dynamic recrystallization-controlled rolling involves the initiation of dynamic recrys-
tallization in one or more passes during the rolling process. It is characteristic for rolling
wires and bars on continuous rolling lines but also rolling strips and seamless tubes [7]. This
can be achieved by applying a large amount of deformation in one pass or accumulating
strain in several individual passes. In the case of both methods, a critical strain is required
to initiate dynamic recrystallization. The final ferrite grain size can reach 1 to 2 μm [2–7].

Many authors [8–11] have used microstructure evolution models to design controlled
forming regimes. Usually, however, these are models created for strip rolling on the final
sequence of (semi)continuous mills at low rolling temperatures, where the SIP effect has
already caused, or will soon cause, a slowing down (in the case of continuous mills with
short interpass times, a practical stop) of recrystallization. Our experience shows that such
models do not give reliable results when simulating rolling of long products at higher
temperatures. This is due to the use of a single equation to calculate t0.5 for both situations
in which SIP did or did not take place.

The purpose of this study is to propose and verify a new model for microstructure
evolution that will be more accurate in both situations.

2. Microstructure Evolution Model

In recent decades, considerable attention has been paid to developing mathematical
models that predict the microstructure evolution of hot-rolled products [1–23]. A significant
advantage of these models is the possibility to optimize the rolling conditions and thus
obtain a good combination of thermomechanical parameters to achieve optimal mechanical
properties of the final product. A weakness of most mathematical models described in the
literature is the weak connection between the processes of precipitation and recrystallization.
This, then, especially in the case of a cross-country rolling mill (higher interpass time) at
higher temperatures, leads to unrealistically fast static recrystallization (SRX) and thus
to enormous coarsening of the austenitic grain. Therefore, this work aims to modify the
mathematical models predicting austenitic grain evolution during hot rolling to better
account for the relationship between recrystallization and precipitation.

Description of the Microstructure Development Model Modification

In the literature [24–30], one can encounter two-step curves describing the growth of
the fraction of the softened structure as a function of the thermodynamic conditions of the
forming process, i.e., temperature, strain, strain rate and grain size, during the interpass
time. The most complete data set represents the work of authors around Medina [27–37].
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The data of these authors were used in the modification of our model. Figure 1 is an
example of the two-stage softening curves [37] for steel, with the chemical composition
listed in Table 1 for N8 steel.

 

Figure 1. Variation in the recrystallized fraction (Xa) with time (t), Reprinted from Ref. [14].

Table 1. Chemical composition of steels used for model modification in wt.%.

Steel C Si Mn P S Al N Nb

N3 0.21 0.18 1.08 0.023 0.014 0.007 0.0058 0.024
N4 0.21 0.19 1.14 0.023 0.015 0.008 0.0061 0.058
N8 0.2 0.2 1.0 0.024 0.013 0.006 0.0056 0.007

These curves generally determine the time to soften half of the structure, t0.5, that
occurs in the JMAK equation. This is the imaginary intersection of the value of X = 0.5
with these curves. In the case of simple S-curves, this is their inflection point. In the
case of two-degree curves, this rule no longer applies. The values of t0.5 thus obtained
are used to develop an equation that respects the effect of precipitation on the kinetics of
recrystallization. The disadvantage, however, is that the equation thus developed leads
to a shift of t0.5 to high times in cases where the conditions for initiating strain-induced
precipitation (SIP) have not yet been fulfilled during the previous rolling. Moreover, in the
temperature region of the nose of the curve of the onset of precipitation, the values of t0.5 in
the equations thus developed are biased because they do not consider the step effect of the
precipitation on the kinetics of recrystallization. We attempted to use published data for
steels N3, N4 and N8 to develop new equations to calculate t0.5 separately for the situation
in which SIP takes place and separately for the situation in which SIP does not occur at all.

The experimental data were fitted with Avrami S-curves so that the sum of the squares
of the deviations of the measured values from these curves was minimal. In the case of
two-degree curves, two S-curves were used separately for the two degrees of the curves.
Data occurring in the region of a constant proportion of the softened structure were not
counted (see Figure 2).
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Figure 2. Plotting the experimental data with S-curves of the original data (see Figure 1).

In this way, we first obtained the values of the coefficient n in the Avrami equation (see
Table 2). First, we needed to check whether the coefficient n is a function of temperature, as
some authors state, or whether it is affected by other influences.

Table 2. Values of the coefficient n in the Avrami equation.

n (-) No SIP SIP
Steel Strain (-) 1200 1150 1100 1050 1025 1000 950 900 850 1025 1000 950 900 850

N3
0.2 0.68 0.86 0.71 0.71 0.34 0.42
0.35 0.60 0.62 0.82 0.87 0.90 0.83 0.21 0.50

N4
0.2 1.01 1.23 1.05 1.06 1.12 0.65 0.71
0.35 0.86 0.91 0.93 0.89 0.85 0.90 0.21 0.60

N8
0.2 0.85 0.83 0.67 0.70 0.42 0.59
0.35 0.65 0.65 0.64 0.66 0.65 0.53 0.62

Mean 0.82 0.74 0.90 0.92 0.96 0.85 0,71 0.68 0.65 0.43 0.46 0.45 0.56 0.62
Median 0.86 0.68 0.85 0.88 0.96 0.86 0,69 0.68 0.65 0.43 0.47 0.42 0.56 0.62
Mean 0.82 0.48

Median 0.84 0.52

The negligible effect of temperature on the coefficient n is illustrated in Figure 3. The
effect of the Nb content and strain size was similar.

  

Figure 3. Effect of temperature on the n value: (a) without SIP and (b) with SIP.
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Finally, the value of n was determined as the average for the curves without SIP
(n = 0.823) and with SIP (n = 0.484). These values were used to correct the S-curves in the
plots similar to Figure 2 (separately for each of the 3 steels and for the 2 strain values of 0.2
and 0.35). By varying the value of the n coefficient in each curve, the curves were shifted
towards the optimum based on the least squares method. Therefore, the position of the
curves was changed again so that the minimum sum of the squares of the deviations of the
measured points from the S-curves was again achieved. From the curves thus generated, a
t0.5 value was determined for each curve separately (see Table 3).

Table 3. Values of t0.5 in the JMAK equation.

t0.5 (s) No SIP SIP
Steel D (μm) e (-) 1200 1150 1100 1050 1025 1000 950 900 850 1025 1000 950 900 850

N3 210 0.2 1.91 7.26 24.45 57.25 111.09 970.42
0.35 0.77 1.33 2.44 4.49 13.34 35.29 92.56 644.69

N4 190 0.2 1.33 4.47 10.46 27.66 50.76 183.03 593.68
0.35 0.72 1.33 2.75 6.84 12.60 26.01 136.56 384.77

N8 140 0.2 3.73 14.17 42.33 126.00 123.68 671.66
−0.3 1.18 4.21 11.12 27.63 64.85 131.37 656.52

The data from Table 3 were plotted against the reciprocal thermodynamic temperature
(see Figure 4). The activation energy values (exponent multiplied by the molar gas constant;
see Table 4) and the value of the K constant were determined using exponential regression.

  

Figure 4. Dependence of t0.5 on the reciprocal thermodynamic temperature: (a) without SIP and
(b) with SIP (steel N4, e = 0.35).

Table 4. Values of Q and K in the equation to describe t0.5.

Steel Strain (-)
No SIP SIP

Q (J·mol−1) K (-) Q (J·mol−1) K (-)

N3 251 048 1.08 × 10−9 561 218 1.05 × 10−21

N4 0.2 281 684 1.11 × 10−10 646 761 1.73 × 10−24

N8 236 541 3.37 × 10−9 403 719 7.09 × 10−26

N3 229 855 4.76 × 10−9 502 583 2.22 × 10−19

N4 0.35 275 192 1.09 × 10−10 569 336 1.68 × 10−21

N8 209 681 1.19 × 10−8 352 517 2.64 × 10−14

The graph in Figure 5 shows the activation energy of the studied steels as a function of
the Nb content and strain value in both the non-SIP and SIP conditions. In both cases, there
seemed to be a statistically significant dependence, so the activation energy values were
determined by multilinear regression as a function of the Nb content and strain in the form:
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Figure 5. Dependence of Q on the strain and Nb content (without SIP): (a) without SIP and
(b) with SIP.

Without SIP:
Q = 1089469·%Nb − 121212·e + 248346 (1)

With SIP:
Q = 418324·%Nb − 416137·e + 496325 (2)

A comparison of the measured and calculated values according to Equations (1) and
(2) is made in Figure 6.

  

Figure 6. Comparison of measured and calculated values: (a) without SIP according to Equation (1)
and (b) with SIP according to Equation (2).

The equations obtained to describe t0.5 had the following form:
Without SIP:

t0.5 = exp(6.036·e − 80.87·%Nb − 19.83)· exp
(

1089469·%Nb − 121212·e + 248346
R·T

)
(3)

With SIP:

t0.5 = exp(32.235·e − 329.6·%Nb − 43.24)· exp
(

4184324·%Nb − 416137·e + 496325
R·T

)
(4)
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The comparison of the measured values according to Equations (3) and (4) is shown in
the plot in Figure 7. The conformity between the measured and calculated values for t0.5
without SIP is good, but in the case of t0.5 with SIP, the scatter of the data around the mean
line is visibly worse. The arrangement of the data into layers by steel number can be seen
here (data labels in the plot in Figure 7b). All t0.5 values are below the mean line for N3
steel, while the opposite is true for N8 steel. Apart from the Nb content, the steels used
differ mainly in the Mn and Si content ratio, significantly affecting Nb precipitation. This
effect is more pronounced in steels with a higher Nb content because the solubility of Nb in
steel decreases with an increasing Mn/Si ratio. Therefore, Equation (4) was modified to the
following form:

t0.5 = exp
[

1.37·10−4·
(

%Mn
%Si

)5.1282
]
· exp(32.235·e − 329.6·%Nb − 43.24)

· exp
(

4184324·%Nb−436137·e+496325
R·T

) (5)

  

Figure 7. Comparison of measured and calculated t0.5 values: (a) without SIP according to Equation (3),
and (b) with SIP according to Equation (4) (data labels here represent steel designations.)

Using this correction factor, the scatter of values around the mean line was minimized
(Figure 8). If the data were further refined, more measured softening curves’ data would be
required for the variant with SIP.

 
Figure 8. Comparison of measured and calculated t0.5 values with SIP according to Equation (5) (data
labels here represent steel designations).
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Since in the experiment from which our data were taken, the grain size ranged from
140 to 210 μm, it was necessary to add a term to the equations to describe t0.5 to account for
the change in grain size during actual rolling. The effect of grain size D was included in
previous equations in the following form:

t0.5(D) =
t0.5(D)

D′ (6)

where D′ is the average value of the grain size used in the experiment (180 μm).
To use the equations obtained to describe t0.5 in the microstructure evolution model, it

is necessary to solve the determination of t0.5 in the pass in which the SIP occurs. In this
pass, it is assumed that tip > tps. The following two situations can occur (see Figure 9). The
fraction of the softened structure at time tip for a curve with SIP is

 
Figure 9. Possible situations that may occur in the collection in which the conditions for the start of
SIP are met.

− greater than the proportion of the softened structure at time tps for the curve without
SIP (tps1 and Xtps1 in Figure 9);

− less than the proportion of the softened structure at time tps for the curve without SIP
(tps2 and Xtps2 in Figure 9).

In the first case, the model will calculate the X values from the SIP curve and vice
versa in the second case.

The last point of the model modification is the modification of the parameters of
the Hodgson equation [37] for the grain size calculation after static recrystallization. The
data obtained from the PSCT (see the next section) showed that our HSLA steel has a
significantly coarser grain. The modified equation has the following form:

dSRX = 450·d0.4
0 ·e−0.5·exp

(−45000
R·T

)
(7)

3. Plain Strain Compression Test (PSCT)

3.1. Experiment Description

HSLA steel (S355J2), whose chemical composition is shown in Table 5, was selected
to verify the modified microstructure evolution model. A total of 5 cubic specimens of
20 × 20 × 20 mm were prepared from the 180 × 180 mm continuously cast block specimen
for the laboratory experiments to determine the carbonitride dissolution temperature
during heating and 4 specimens of 10 × 15 × 20 mm for the plain strain compression
test (PSCT).
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Table 5. Chemical composition of the selected HSLA steel in wt.%.

C Mn Si P S Al Nb N Ti

0.161 1.38 0.178 0.019 0.011 0.035 0.033 0.0044 0.001

The aim of the laboratory simulations was:
(1) to determine the temperature for complete dissolution of carbonitrides during heating;
(2) PSCT simulation of rolling a round bar of 100 mm diameter on a cross-country

rolling mill at Liberty Ostrava a.s.
(3) analysis of the microstructure of samples after PSCT by transmission electron

microscopy (TEM).
To determine the amount of Nb in the solid solution γ after heating, a simple quench-

ing and tempering experiment was performed on samples heated to different heating
temperatures. A total of 5 samples were individually heated in an electric resistance fur-
nace to a temperature of 1100–1150–1200–1220–1240 ◦C for 30 min. After the hold time,
the samples were quenched in water with ice and then tempered at 575 ◦C for 60 min.
After the specimens were cut, ground and polished, an average hardness of HBW 30 was
determined in the central region of the specimens, based on 5 imprints each time. Based on
the results shown in Figure 10, the heating temperature required for complete dissolution
of the precipitates was determined to be 1200 ◦C.

 

Figure 10. Average hardness of samples after quenching and tempering as a function of heating tem-
perature.

In the plane strain compression tests performed on the Hydrawedge II hot deforma-
tion simulator HDS-20, anvils with a working width of 5 mm were pressed into the test
specimens with dimensions of 10 × 15 × 20 mm. A total of 4 simulations were performed
with a uniform heating temperature of 1200 ◦C with a 15 min hold at this temperature.
The true strain, calculated based on the elongation factor, was converted using the control
program with a conversion factor of 1.155 to strain intensity values that respected the law of
volume conservation, along with dimensional changes in all 3 directions. In total, 7 passes
were simulated in each variant at deformation temperature T, strain rate ė and interpass
times tip. A simplified schematic representation of the PSCTs is shown in Figure 11.
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Figure 11. Schematic illustration of PSCTs (  represents an individual pass).

3.2. Microstructural Analysis

The microstructure of samples V1–V4 (corresponding to PSCT simulation variants
1–4) was preferentially examined in the centre of the deformed region in terms of its width
and height.

Figure 12 documents the microstructure in the deformed part of sample V1, along
with the marked areas of detailed microstructural analysis.

 

Figure 12. Marking of microstructure documentation sites (sample: variant 1). V1–V4 represent the
areas of detailed microstructural analysis.

In general, the microstructure in the undeformed part of all samples was comparable:
allotriomorphic ferrite along the boundaries of the original austenitic grains. The remaining
microstructure was predominantly a mixture of Widmanstätten ferrite and a minor perlitic
phase. The presence of a small proportion of bainite could not be dismissed (see Figure 13).
Due to allotriomorphic ferrite, which nucleates at the original austenitic grain boundaries
and continues to grow preferentially at these boundaries, we can estimate the austenitic
grain size after heating (see the red original austenite boundary in Figure 13). Using image
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analysis in ImageJ software, the size of the largest original austenitic grains was determined
(the position of the cutting plane strongly influences the measured size, we can assume
that the structure is homogeneous in terms of grain size and the largest grains are those
that are split by the cutting plane close to their centre). The results of the measurements are
summarized in Table 6.

  

Figure 13. Microstructure consisting of allotriomorphic ferrite, pearlite and acicular ferrite in the
undeformed region A: (left) sample V1 and (right) sample V3. The original austenitic grain boundary
is marked in red.

Table 6. Average austenitic grain size values at heating temperature.

Variant D (μm)

1 229
2 258
3 240
4 241

The so-called forging cross was clearly visible in samples V3 and V4. In the centre
of the forging cross, the microstructure of these samples was a fine-grained mixture of
ferrite and pearlite—Figures 14 and 16. In samples V1 and V2, without a distinct forging
cross, the microstructure in the centre of the cross-section of the samples was a mixture
of allotriomorphic ferrite, Widmanstätten ferrite and pearlite—Figures 15 and 16. Due
to the presence of allotriomorphic ferrite, it is again possible to estimate the austenitic
grain size before the onset of phase transformation using image analysis. The results of the
measurements are summarized in Table 7, in which the average microhardness values are
also given for comparison.

Table 7. Average austenitic grain size values before phase transformation and average microhard-
ness values.

Variant D (μm) HV 0.3 (-)

1 96 168
2 72 183
3 50 169
4 46 162
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Figure 14. Ferritic–perlitic linear microstructure in the centre (sample V4).

 
Figure 15. Microstructure consisting of allotriomorphic ferrite, pearlite and acicular ferrite in the
centre (sample V1).
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(a) (b) 

  
(c) (d) 

Figure 16. Comparison of the resulting microstructure in the centre of the samples for all variants.
V1 and V2—a mixture of allotriomorphic ferrite, acicular ferrite and pearlite; V3 and V4—a mixture
of allotriomorphic ferrite and pearlite. The red ellipses indicate the maximum size of the original
austenitic grain. (a) Variant 1, region B, deformed part; (b) variant 2, region B, deformed part;
(c) variant 3, region B, deformed part; and (d) variant 4, region B, deformed part.

3.3. Precipitate Analysis

TEM studies were performed using carbon extraction replicas. Sample masking
was used in the preparation of the replicas in order to obtain slides only from the centre
of the deformed part of the samples. When studying the replicas in TEM, areas where
the microstructure was mainly ferrite and pearlite were preferred. Documentation of
precipitate particles was performed only in ferritic grains. Minority phases on the replicas
were identified using energy-dispersive X-ray spectroscopy (EDX). In all samples, only
cementite particles (part of the pearlitic component, possibly bainite, whose presence cannot
be excluded, although most of the austenite decay products morphologically corresponded
to Widmanstätten ferrite) and NbX phase particles were detected. EDX showed that small
amounts of titanium, chromium and niobium were present in the NbX particles (Table 8).
The presence of small amounts of iron in the EDX spectra probably represents an artefact
associated with the preparation of the slides. No clear differences were found between the
chemical composition of coarser and fine NbX particles. Given the chemical composition of
HSLA steel, it can be assumed that the particles are carbides rather than carbonitrides.

235



Materials 2023, 16, 288

In the studied samples, we could identify a total of three different sizes of NbX
particles. In the variants, samples V1 and V2, only coarse particles with a size above 80 nm
were present (see Figure 17. In samples V3 and V4, besides coarse particles, there were
also fine particles with a size of around 60 nm and even fine particles below 20 nm (see
Figure 17). In samples V3 and V4, it could be seen that the fine particles were arranged in
rows, suggesting that they are precipitates formed during deformation when slip bands
became the sites for the formation of the nuclei. If no further deformation occurs, the
precipitates coarsen. If further deformation occurs, new slip bands and thus new sites for
NbX nuclei appear, as the solid solution is depleted of Nb and C around the original slip
bands. This would then cause the appearance of 2 peaks on the histogram in the region
corresponding to the strain-induced precipitates. A detailed analysis of the occurrence of
particles is made in the following section.

  
(a) (b) 

  
(c) (d) 

Figure 17. Summary of all precipitate images for each variant V1 to V4. Images were selected that
showed examples of precipitates of all observed sizes. For sample V4, it was not possible to capture
different-size precipitates in one image; therefore, two images with the same scale are presented.
(a) V1, (b) V2, (c) V3, and (d) V4.
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Table 8. Results of semi-quantitative EDX analysis of the NbX phase (wt.%).

No. of Analysis Ti Cr Fe Nb

1 0.9 1.6 1.8 96.6
2 0.6 1.6 2.4 96.0
3 0.8 1.4 1.9 96.4

Mean 0.77 1.53 2.03 96.33
Std. deviation 0.153 0.115 0.321 0.306

3.4. Simulation of PSCTs Using a Modified Microstructure Evolution Model

Using a modified microstructure evolution model, microstructure evolution was
simulated for all 4 variants of PSCT rolling simulation. The grain size evolution for all
PSCT variants is shown in Figure 18. For variant 1, which represents conventional rolling,
the gradual grain refinement was due to fully completed static recrystallization after almost
every pass. Figure 18 shows undesirable grain coarsening occurred after the 5th and 7th
passes. During cooling after rolling, at 1009 ◦C and a time of tip,7 = 49.44 s, SIP occurred.
The time available for recrystallization or grain coarsening after the last pass of tip,7, which
represents the x-intercept of the length of the cooling curve before its intersection with the
precipitation onset curve (see Figure 19a), was calculated using the following Equation (8):

tip,7 = tPPT − tps,7·
8

∑
i=1

tip

tps
(8)

where tSIP is the time of onset of precipitation during cooling (intersection of curves in
Figure 19a).

 
Figure 18. Grain size evolution for all PSCT variants calculated using the modified model.

Thus, the onset of precipitation in the case of variant 1 stops the grain coarsening
process, and the resulting grain size before phase transformation was around 96 μm, which
fit exactly the measured grain size from PSCT (96 μm).

The grain size evolution for variant 2 was almost identical to variant 1 until the
last pass. Due to the faster onset of precipitation after rolling (tip,7 = 10.0 s; see the x-
projection of the length of the cooling curve before it intersects with the curve of the onset
of precipitation in Figure 19b), there was no termination of static recrystallization (X = 0.42).
Thus, the structure contained original unrecrystallized grains about 73 μm in size (58% of
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them) elongated in the direction of deformation before the phase transformation, which
corresponds well to the measured grain size from the PSCT (72 μm) and recrystallized
equal grains 48 μm in size. The residual strain before phase transformation of the austenite
was about 0.13.

  

Figure 19. Interaction of cooling curves and precipitation onset curve: (a) variant 1 and (b) variant 2.

For variant 3, there was a noticeable decrease in grain size due to the reduced tempera-
ture before the last three passes. In the 6th pass, strain-induced precipitation (SIP) stopped
the ongoing static recrystallization (X = 0.61), thus reducing the grain size to 40 μm, which
corresponds fairly well to the measured grain size from the PSCT. In the last pass, no static
recrystallization occurred despite the accumulated strain from the previous pass; thus, the
grain size did not change. Thus, a relatively large, elongated grain (residual strain 0.6) with
an area corresponding to an equal grain of 40 μm diameter was present in the structure
before phase transformation.

In variant 4, compared to variant 3, SIP already occurred in the 5th pass. The SIP
stopped the ongoing static recrystallization (X = 0.85), and the grain size after this pass
dropped to 63 μm (the smallest of all variants at this rolling stage). However, in the
subsequent passes, static recrystallization did not occur, so the grain size did not change.
Only the rate of elongation due to the accumulated strain of 0.76 increased.

The mean flow stress (MFS) values predicted by the model were compared with the
MFS values calculated from the measured forming forces during the PSCT according to the
Formula (9).

σ = 0.866· F
ls·b0

(9)

where F (N) is the measured force, ls (mm) is the length of the contact area between the
sample and the anvil (in our case ls = 5 mm) and b0 (mm) is the width of the tested sample
(in our case b0 = 20 mm).

According to the modified Misaka equation, the MFS values were 25 to 100 Mpa lower
than the MFS values calculated from the measured forces. Therefore, we built our model in
the following form for further simulation:

MFS = 6·e0.179· .
e0.081· exp

(
4263

T

)
(10)

A comparison of all the MFS values calculated from the measured forces according
to Equation (10) is plotted in Figure 20. The dependence of MFS on the temperature and
strain rate calculated according to Equation (10) is shown in Figure 21.
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Figure 20. Comparison of measured and calculated MFS values according to Equation (10).

 

Figure 21. Dependence of MFS on the temperature and strain rate calculated according to Equation (10).

The dependence of the MFS on the reciprocal temperature for all 4 rolling variations is
shown in Figure 22. From the 5th pass onwards, we saw an MFS increase due to a rolling
temperature decrease. The high MFS value in the 6th pass was due to the largest partial
strain increase due to the cumulative strain from the previous passes (for variants 1 to 3,
we had a cumulative strain in the 6th pass of about 0.4; for variant 4, it was already 0.56
due to the SIP started in the 5th pass). For variants 1 and 2, the increase in the MFS in the
last pass was relatively small compared to the increase for variants V3 and V4, where static
recrystallization did not occur due to the ongoing SIP, and we had cumulative strain values
of 0.6 and 0.76 in the last pass for variants 3 and 4, respectively. Using a rolling mode that
induces SIP while rolling is still in progress, we estimated an MFS increase of at least 50%.
In our simulation, this was 53 and 74% for variants 3 and 4, respectively. Similar percentage
increases can be expected for roll-separating forces and torques during real rolling.
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Figure 22. MFS dependencies on reciprocal temperature for each simulation variant.

3.5. Analysis of Precipitate Size Distribution

Simulations of each variant using the modified model were now used to clarify the oc-
currence of precipitates of different sizes in the PSCT samples for all variants (see Figure 17).
All available images from the previous section were subjected to image analysis in ImageJ
software. The results of this analysis are presented for all variants using histograms for
particle diameter values (calculated from the particle area). Using a single histogram to
represent the frequency of occurrence of precipitates of different sizes over the whole
observed range from 1 nm to 250 nm is misleading, as fine precipitates are much more
abundant than coarse ones. Therefore, we divided the data into two groups (group 1: 1 nm
to 40 nm; group 2: 40 nm to 250 nm) using the absolute frequency for fine precipitates and
the relative area of coarse precipitates in the structure (area of all precipitates in a given
class divided by the total area of all precipitates). Histograms depicting the size distribution
of fine precipitates are shown in Figure 23.

  

Figure 23. Histograms showing the distribution of precipitates below 40 nm in the samples for V3
(left) and V4 (right).
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For variants 1 and 2, there were practically no precipitates with a size below 40 nm
in the structure, so we did not show histograms here. For variant 3, the histogram had a
regular bell shape, with a mean value of 9 nm and a standard deviation of 5 nm. For variant
4, we saw a classical two-peaked histogram, which indicates that the data came from two
independent sets. The first had a mean value of 4 nm and a standard deviation of 3 nm,
while the second had a mean value of 15 nm and a standard deviation of 4 nm.

The histograms in Figure 24 were influenced by the significantly lower frequency of
measured data (precipitates below 40 nm were measured in total for variants 3 and 4 over
6300, but those above 40 nm were only 295 for all variants). Here, we also considered
two peaks for all variants. One (represented in all graphs by a Gaussian curve with a
mean value of 172 nm) corresponded to precipitates not dissolved when heated to the
forming temperature. The mean values were calculated from all the variants together
because, according to the results of other authors (Vervynckt et al. [25]), it can be assumed
that the actual forming regime does not influence the size of the undissolved precipitates.
The second peak of the histogram was then at a different mean value of precipitate size
for each variant, with the mean value shifting towards smaller values as the number of
variants increased.

  

  

Figure 24. Modified histograms showing the distribution of precipitates above 40 nm in the samples
for all variants.

Now that we know the precipitation history by simulating all the modified microstruc-
ture evolution model variants, we can analyze the precipitate size distribution in HSLA
steel in detail.

For variants 1 and 2, we had two groups of precipitates:

− undissolved precipitates with a mean value of 172 nm;
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− precipitates formed during cooling after rolling with mean values for V1 and V2 of
110 and 105 nm, respectively. The lower value for V2 is due to the lower precipitation
temperature (1009 ◦C for V1 vs. 989 ◦C for V2).

In variant V3, we had 3 groups of precipitates:

− undissolved precipitates with a mean value of 172 nm;
− precipitates formed during cooling after rolling with a mean value of 64 nm (precipitation

temperature 944 ◦C, solid solution partially depleted of Nb due to previous precipitation);
− precipitates formed during precipitation in the pause between the 6th and 7th passes;

these have a mean size of only 9 nm due to the limited time for precipitation (24 s).

For variant V4, we had even 4 groups of precipitates:

− undissolved precipitates with a mean value of 172 nm;
− precipitates formed during cooling after rolling with a mean value of 56 nm (precipitation

temperature 914 ◦C, solid solution partially depleted of Nb due to previous precipitation);
− precipitates formed during precipitation in the pause between the 6th and 7th passes;

these have a mean size of 15 nm due to the limited time for precipitation (32 s);
− precipitates formed during precipitation in the pause between the 5th and 6th passes;

these have an average size of only 4 nm due to the limited time for precipitation (19 s).

Based on these values of precipitation parameters and the corresponding values of
precipitate size, it was possible to develop Equation (11) describing the effect of temperature
and precipitation time on the size of NbX precipitates:

DPPT = 616.9·t0.742· exp
(−8195.8

T

)
(11)

The graph in Figure 25 documents the accuracy of Equation (11). The dependence
of precipitate size on time and precipitation temperature calculated by Equation (11) is
shown in Figure 26. This equation can now be included in the modified microstructure
evolution model.

 
Figure 25. Comparison of measured and calculated values of precipitate size according to Equation (11).
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Figure 26. Dependence of precipitate size on the time and temperature of precipitation calculated
according to Equation (11).

4. Discussion

Based on the modification of the mathematical model, simulations of the microstruc-
ture evolution during the rolling of a round bar from HSLA steel with a diameter of
100 mm were performed, including a comparison with the operational results from a
heavy-section mill.

Four situations corresponding to the plain strain compression test were modelled. In
the case of the first scenario corresponding to conventional rolling, SIP occurs only after the
last pass, which does not affect grain size. The predicted grain size is around 96 μm, which
corresponds well to the operational results. The evolution of austenitic grain size is almost
identical for variants 1 and 2. Due to the more rapid onset of SIP after rolling, SRX after the
last pass is not terminated, and the structure contains original recrystallized grains with
a size of about 73 μm elongated in the deformation direction and recrystallized equiaxed
of about 48 μm before phase transformation. In the third variant, a noticeable decrease in
austenitic grain size can be observed due to the reduced temperature before the last three
passes. In the sixth pass, SIP occurs, which stops the ongoing SRX, and thus, the grain size
reduces to about 40 μm. In the last pass, despite the accumulated strain from the previous
pass, no SRX occurs; therefore, the grain size does not change. Thus, in the structure
before phase transformation, a relatively large amount of elongated austenitic grain with a
residual strain of 0.6 is present with an area corresponding to an equiaxed grain of 40 μm
diameter. Compared to variant 4, there is a suspension of SRX due to SIP in the fifth pass.
The grain size in this pass drops to 63 μm, which is the smallest of all simulated variants at
this rolling stage. In the following passes, static recrystallization does not occur anymore,
so the resulting austenitic grain size does not change. Only the elongation rate due to the
accumulated strain of 0.76 increases. All simulation results thus correspond well with the
operational results. From the MFS point of view, we can observe an increase in the values
from the fifth pass onwards due to the decreasing rolling temperature. The accumulated
strain due to the largest partial strain increases the high MFS value in the sixth pass from
the previous. For variants 1 and 2, the increase in the last pass is relatively small compared
to the increase in variants 3 and 4. Using a rolling mode that induces SIP while rolling, we
estimate an increase in the MFS of at least 50%. In the case of our simulations, this was 53%
for variant 3 and even 74% for variant 4. Similar percentage increases can be expected for
roll-separating forces and torques during real rolling.
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Simulations of the different variants were used to clarify the occurrence of precipitates
of different sizes, which showed that up to four types of precipitates are present in the inves-
tigated samples. These are precipitates that do not dissolve during heating and precipitates
that form during rolling between passes, or precipitates that form during cooling.

5. Conclusions

This paper showed a modification of the mathematical model of microstructure evo-
lution that reflects the effect of SIP on SRX kinetics in comparison with existing models.
The model showed good agreement with the PSCT simulation results of rolling a 100-mm-
diameter round bar of HSLA steel.

Currently, the model is used at Liberty Ostrava to optimize rolling temperatures when
rolling round and flat bars and I, V and L profiles on a heavy-section mill (continuous cross-
country-type mill). Its verification in rolling bars and profiles on medium- and fine-section
mills (continuous mill) is under preparation.
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Abstract: The combined effect of deformation temperature and strain value on the continuous
cooling transformation (CCT) diagram of low-alloy steel with 0.23% C, 1.17% Mn, 0.79% Ni, 0.44% Cr,
and 0.22% Mo was studied. The deformation temperature (identical to the austenitization temperature)
was in the range suitable for the wire rolling mill. The applied compressive deformation corresponded
to the true strain values in an unusually wide range. Based on the dilatometric tests and metallographic
analyses, a total of five different CCT diagrams were constructed. Pre-deformation corresponding
to the true strain of 0.35 or even 1.0 had no clear effect on the austenite decomposition kinetics at
the austenitization temperature of 880 ◦C. During the long-lasting cooling, recrystallization and
probably coarsening of the new austenitic grains occurred, which almost eliminated the influence of
pre-deformation on the temperatures of the diffusion-controlled phase transformations. Decreasing the
deformation temperature to 830 ◦C led to the significant acceleration of the austenite→ ferrite and
austenite→ pearlite transformations due to the applied strain of 1.0 only in the region of the cooling
rate between 3 and 35 ◦C·s−1. The kinetics of the bainitic or martensitic transformation remained
practically unaffected by the pre-deformation. The acceleration of the diffusion-controlled phase
transformations resulted from the formation of an austenitic microstructure with a mean grain size of
about 4 μm. As the analysis of the stress–strain curves showed, the grain refinement was carried out
by dynamic and metadynamic recrystallization. At low cooling rates, the effect of plastic deformation
on the kinetics of phase transformations was indistinct.

Keywords: low-alloy steel; austenitization temperature; plastic deformation; phase transformations;
CCT diagram; dynamic recrystallization

1. Introduction

The individual phase transformations can be effectively controlled by the cooling rate of the
rolled or forged steel products. This significantly contributes to achieving the desired combinations of
mechanical properties of the material. The kinetics of austenite decomposition is not only fundamentally
influenced by the chemical composition of the steel but also by the parameters of the structure entering
the given phase transformation. The prior microstructure depends on the austenitization conditions,
the parameters of the pre-deformation, and the cooling time [1–6]. The continuous cooling transformation
(CCT) diagrams show the temperatures of the phase transformations, and the individual decomposition
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products of austenite depend on the cooling at different rates. They are always constructed for the
specific austenitization parameters and initial microstructure. The deformation continuous cooling
transformation (DCCT) diagrams include the effect of pre-deformation, characterized mainly by the
strain value [7–11].

The very complex influence of chemical composition on the kinetics of austenite decomposition has
been studied in detail in many works. For example, the combined effect of manganese, silicon, nickel and
vanadium [12], niobium, copper, silicon and molybdenum [13], carbon, manganese, silicon, chromium,
molybdenum and vanadium [14], or niobium alone as the microalloying element content has been
investigated in different steels [15,16].

From the point of view of the influence of the prior structure, the size of austenitic grains
is a crucial parameter (both the initial and secondary grain size, which can also be influenced by
the austenitization conditions) [17,18]. The cause of the coarsening of the prior structure is a high
heating temperature, a long stay at the austenitization temperature, or a long time interval between
austenitization (or deformation at this temperature) and the phase transformation itself; this applies
in particular to the very low cooling rates. On the contrary, dynamic recrystallization induced by
deformation at a suitable combination of temperature and strain rate can be used to refine the austenitic
grains [19–21]. The influence of the austenitic grain size is significant, especially where transformations
take place with a diffusion mechanism, which preferably uses the boundaries of the original grains for
the nucleation of the new phase components. In the case of smaller austenitic grains, the matrix contains
a higher density of grain boundaries and thus more nucleation sites, which mainly accelerates the
ferritic transformation [18–24]. The fine-grained austenitic microstructure also leads to a reduction in
the critical deformation for a ferrite formation by dynamic strain-induced transformation (DSIT) and to
a relatively homogeneous size distribution of ferritic grains. Conversely, in the case of a coarse-grained
prior structure, the newly formed ferritic grains are primarily located along the boundaries of the
austenitic grains [25–28]. However, this conclusion is only valid in the case of allotriomorphic ferrite.
With the increasing size of the prior austenitic grains, intragranular nucleation of ferrite indirectly
favors (e.g., at inclusions located inside the austenitic grains), leading to the formation of idiomorphic
ferrite instead of allotriomorphic ferrite [29]. The austenitic grain size also plays an important role in
the kinetics of pearlitic transformation, as the most favorable conditions for a pearlite nucleation are in
the high-energy locations. These places in the homogeneous austenite are mainly the grain boundaries,
where the greatest accumulation of crystal lattice defects is. In the case of coarse-grained steels, the rate
of austenite→ ferrite transformation is lower, because the density of sites favorable to nucleation is
low [22,30–32].

The coarse austenitic grains support the martensitic transformation by increasing the temperature
of its start and finish. The austenitic grain size also impacts the morphology of martensite, because the
coarse-grained structure affects the size of martensitic plates or needles [20,33,34].

The major effect of the previous plastic deformation should be the displacement of the phase
transformations to higher temperatures and shorter times. This is caused by the increased diffusivity
of elements in the deformed austenite and a higher density of the favored nucleation places for the
diffusional transformation products. Such places are found particularly in the shear bands and grain
boundaries with high density of dislocations [35–37].

The accelerating effect of plastic deformation on ferritic or pearlitic transformation has been
confirmed by many researchers—see, e.g., [14,22,38–41]. This phenomenon is used in practice,
for example, in achieving ultrafine-grained structures through strain-induced ferrite transformation
(DSIT) of austenite to ferrite [42]. The strain-induced ferrite transformation (DIFT) has been identified
as a very effective mechanism contributing to the grain refinement of the transformation-induced
plasticity (TRIP) steel at just below the austenite→ ferrite transformation temperature [43].

The impact of plastic deformation on the bainitic transformation varies depending on the strain
value and especially on the chemical composition of the steel. There are two opposing phenomena in
deformed austenite. The nucleation of the new phase component is accelerated, because the nuclei
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first form in the deformation bands as narrow ferritic particles lined with carbides. At the same time,
however, the growth of nuclei by the shear mechanism is delayed. The growth rate of nuclei can
also be affected by the deformation-induced precipitation of carbides, which act as barriers to the
movement of the phase interface. However, if the plastic deformation takes place even during the
bainitic transformation itself, this structure-forming process is significantly accelerated [44–48].

As for the martensitic transformation, the previous plastic deformation usually has a slight
decelerating effect. During the deformation of austenite, a dense dislocation network is formed,
which slows down the phase interface movement. Despite the large number of nuclei, the portion of
the new phase component tends to be smaller than in the case of the transformation of undeformed
austenite, especially at higher cooling rates. Sometimes, however, the opposite phenomenon occurs
when the accumulated lattice defects initiate the formation of martensite, and it begins to form at
relatively higher temperatures [49–51].

The influence of the strain value on the kinetics of phase transformations is ambiguous. Varying the
strain value from 5 to 25% had no influence on the phase transformations in manganese–nickel and
manganese low-alloy steels but modified the microstructure after cooling due to the formation of
coarser austenite grains under deformation of the “critical” strain value [52]. It depends considerably
on the deformation temperature and thus on whether the already recrystallized austenitic or deformed
grains enter the phase transformation. This is evidenced by the comparison of the CCT and DCCT
diagrams constructed for the 34CrMo4, 42CrMo4, 52CrMo4, 51CrV4, and 34NiMo6 steels at a strain
value of 0, 30, and 60% [22]. Due to the high temperature of plastic deformation (i.e., 1200 ◦C),
the individual phase transformations were not affected directly by the deformation strengthening but
only indirectly by the size of the recrystallized austenitic grain. Therefore, due to the pre-deformation,
only slight changes in the curves corresponding to the start and finish of the phase transformations
were observed.

2. Experimental Material and Methods

The aim of the experimental work was to investigate the combined effect of the deformation
temperature and strain value on the continuous cooling transformation diagram of steel low-alloyed
with manganese, nickel, chromium, and molybdenum. The deformation temperature (identical to
the austenitization temperature) should be in the range suitable for the particular continuous wire
rolling mill. The applied plastic deformation intentionally corresponded to the true strain values in an
unusually wide range (from 0 to 1.0) to reflect the intensive accumulation of strengthening during
multi-pass wire rolling in the finishing blocks.

The 23MnNiCrMo5-3 steel is currently one of the most required materials for the production of
chains, in terms of price–quality ratio. After cooling from the finish-rolling temperature, it is suitable to
achieve the highest possible bainite content in its microstructure. According to operational experience,
bainite appears to be the most suitable structural component for annealing, which precedes the actual
production of chains. This steel can be used for the welded round link chains and various components
for chain hoists, chain conveyors in the mining industry, etc. The final properties of these products are
then affected by quenching and tempering. The chemical composition of this low-alloy steel, tested in
the hot rolled state, is presented in Table 1. The steel was melted and cast in TŘINECKÉ ŽELEZÁRNY
a. s. (Třinec, Czech Republic).

Table 1. Chemical composition of the investigated steel in wt.%.

C Mn Si P S Ni Cr Mo Al N

0.23 1.17 0.16 0.015 0.006 0.79 0.44 0.22 0.034 0.0056

For the purpose of the experiment, the simple cylindrical samples with a diameter of 6 mm and
length of 86 mm were prepared from the wire with a diameter of 10 mm. The dilatometric tests
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were performed with the use of the Model 39,112 Scanning Non-Contact Optical Dilatometer and
Extensometer System with Green LED Technology of the Gleeble 3800 Hot Deformation Simulator
(Dynamic Systems Inc., Poestenkill, NY, USA). Radial components of the strain of the sample can be
measured with a repeatability of ±0.3 μm by a frequency of up to 2400 Hz.

The first step was to determine the transformation temperature Ac3 (i.e., the temperature at
which the ferrite is completely transformed into austenite by the heating process). The sample was
heated with a rate of 5 ◦C·s−1 to a temperature of 500 ◦C; then, the heating rate was slowed down
to 0.167 ◦C·s−1 to reach the maximum temperature of 1000 ◦C. Evaluation of the measured data was
carried out using the semi-automatic CCT software (Dynamic Systems Inc., Poestenkill, NY, USA),
which applies the tangential method in combination with the derivative of the dilatation curve to
determine the transformation temperatures. The result of this test is presented in Figure 1.

Figure 1. Determination of the transformation temperature Ac3 for the tested steel.

Based on the experimentally obtained value Ac3 = 801 ◦C and the finish-rolling temperature
commonly used on the continuous wire mill in TŘINECKÉ ŽELEZÁRNY a. s., the austenitization
temperature TA = 880 ◦C was used in the first stage of the dilatometric experiments. This value
corresponds to the requirements of DIN 17115 German standard for the quenching temperature of
the studied steel, which is 870 to 890 ◦C. The samples were resistively heated at a rate of 10 ◦C·s−1

in the measured zone to the austenitization temperature and after a duration of 600 s, they were
deformed by uniaxial compression at a strain rate of 1 s−1 to the value of the true strain e = 0.35 or 1.0
(for construction of the DCCT diagrams), or no deformation was applied (i.e., e = 0; for construction of
the CCT diagram) before the controlled cooling to almost room temperature. Constant nominal cooling
rates in the range of 0.2–50 ◦C·s−1 were achievable using the samples described above. To achieve
cooling rates of 100 or 200 ◦C·s−1, the samples had to have a special hollow-head shape for high-speed
cooling realized by air nozzles. Unfortunately, such a sample does not allow any deformation in
principle before dilatometric measurement in the course of cooling. Figure 2 shows the shape of the
central parts of the simple dilatometric samples after various deformations.

The dilatometric results were verified by metallographic analyses and HV30 hardness
measurement; these tests were performed on a cross section, taken in the middle of the length
of the heated part of the samples. Samples intended for the light-microscopy analysis were prepared
by using mechanical grinding and polishing. The microstructure was revealed via etching with the
4% Nital solution (a mixture of nitric acid and ethanol) and observed on the Olympus GX51 inverted
metallurgical microscope (Olympus Corporation, Tokyo, Japan). In the case of visualization of the
prior austenitic grain boundaries in the selected quenched samples, a solution of 50 g of picric acid and
5 g of ferric chloride in 100 mL of distilled water was used as an etchant. The quenched samples were
pre-heated to 40 ◦C, and the etching time was chosen differently based on the partial results. A linear
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intercept technique for measuring the average size of austenitic grains by software QuickPHOTO
Industrial 3.2 (PROMICRA, s.r.o., Prague, Czech Republic) was used, and only the grains with clearly
drawn boundaries were taken into account. At least 217 grains were thus measured for each sample.

Figure 2. The shape of the samples after dilatometric testing—details of the heated central part.

After evaluating the results of the first stage of the dilatometric tests, the experiments were
repeated in the second stage for a lower austenitization temperature of 830 ◦C. This value is based on
the operating limits of the relevant rolling mill and is particularly interesting in terms of the possible
refinement of the prior austenitic grains. In this case, only strains e = 0 or e = 1.0 were used. In total,
two CCT diagrams and three DCCT diagrams were compiled for the investigated steel.

Stress–strain curves were experimentally determined for the strain rate of 1 s−1 and deformation
temperatures of 880 ◦C and 830 ◦C. Uniaxial compression tests were performed on a Gleeble
3800 simulator. Cylindrical specimens with a diameter of 8 mm and a height of 12 mm were heated in
the same mode as in the case of dilatometric tests. The critical strain values of ec required to initiate
dynamic recrystallization were calculated from the obtained flow curves according to the procedure
described and applied, e.g., in [53–56]. In the beginning, the first derivative of the stress- strain
curve in its up-to-peak region with respect to the true strain has to be gained. Secondly, the obtained
derivative (specifically the dependency of the logarithm of strain-hardening rate ln θ versus true strain
e) is described by means of the third-degree polynomial. The inflection point, i.e., the result of the
second derivative of this polynomial with respect to the true strain put into the equality with zero,
then corresponds with the required value of strain ec—see Figure 3 for an example. The analysis of
the flow curves was performed using data smoothing and numerical derivative in the OriginPro 9
software (OriginLab Corporation, Northampton, MA, USA).

Figure 3. Determination of strain ec for deformation temperature of 880 ◦C.

251



Materials 2020, 13, 5116

3. Results and Discussion

3.1. CCT and DCCT Diagrams

The graphs in Figures 4–8 show the temperatures of the individual phase transformations
(black points) for different experimental conditions; these values were determined based on the analysis
of dilatometric curves. The manually interpolated curves form the boundaries of areas characterized by
the existence of a particular phase component—ferrite (F), pearlite (P), bainite (B), and martensite (M).

Figure 4. Continuous cooling transformation (CCT) diagram (e = 0) for the austenitization temperature
of 880 ◦C.

Figure 5. Deformation continuous cooling transformation (DCCT) diagram (e = 0.35) for the
austenitization temperature of 880 ◦C.
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Figure 6. DCCT diagram (e = 1.0) for the austenitization temperature of 880 ◦C.

Figure 7. CCT diagram (e = 0) for the austenitization temperature of 830 ◦C.

Figure 8. DCCT diagram (e = 1.0) for the austenitization temperature of 830 ◦C.

The chemical composition of the investigated steel ensures the presence of bainite in the structure
already after cooling at a rate of 0.2 ◦C·s−1. To induce a martensitic transformation, cooling at a rate
of approx. 2–3 ◦C·s−1 is always sufficient. The decomposition of austenite to ferrite and pearlite is
significantly affected only by deformation at low austenitization temperature.
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3.2. Phase Composition of Samples after Dilatometry

The results of metallographic analyses are summarized in Table 2. The fractions of the structural
components are arranged from the largest (left) to the smallest (right). The meaning of the parentheses
is as follows: (very small amount), [rare, trace amount]. The data in Table 2 are documented by the
microstructure of selected samples after dilatometry (see Figures 9–13).

Table 2. Phase composition of the selected samples after dilatometry.

Cooling Austenitization Temperature/True Strain

Rate TA = 880 ◦C TA = 830 ◦C
(◦C·s−1) e = 0 e = 0.35 e = 1.0 e = 0 e = 1.0

0.2 F + P + B F + P + B F + B + P F + P + B F + B + P
0.5 – B + F + (P) – – –
0.7 – B + F + (P) – – –
1.0 F + B + (P) – F + B + (P) F + B + (P) F + B + (P)
1.7 B +M + (F) B +M + [F] B +M + (F) + [P] – –
2.2 – – B +M + [F] – –
3.0 B +M + [F] B +M B +M B +M + F + [P] B +M + F + (P)
5.0 M + B – – B +M + [F] M + B + F + [P]
10 – M + B – B +M + [F] M + B + (F)
20 – – – – M + B + [F]
25 M + (B) M + (B) – – –
35 M + (B) M + (B) M + (B) M + (B) M + (B) + [F]
50 – – M + [B] – –
100 M – – – –
200 – – – M –

 

Figure 9. Microstructure of the samples after dilatometry—austenitization at 880 ◦C, undeformed.
(a) Cooling rate of 0.2 ◦C·s−1; (b) cooling rate of 3 ◦C·s−1; (c) cooling rate of 35 ◦C·s−1; (d) cooling rate of
100 ◦C·s−1.
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Figure 10. Microstructure of the samples after dilatometry—austenitization at 880 ◦C, strain e = 0.35.
(a) Cooling rate of 0.2 ◦C·s−1; (b) cooling rate of 3 ◦C·s−1; (c) cooling rate of 35 ◦C·s−1.

 

Figure 11. Microstructure of the samples after dilatometry—austenitization at 880 ◦C, strain e = 1.0.
(a) Cooling rate of 0.2 ◦C·s−1; (b) cooling rate of 3 ◦C·s−1; (c) cooling rate of 35 ◦C·s−1.
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Figure 12. Microstructure of the samples after dilatometry—austenitization at 830 ◦C, undeformed.
(a) Cooling rate of 0.2 ◦C·s−1; (b) cooling rate of 3 ◦C·s−1; (c) cooling rate of 35 ◦C·s−1; (d) cooling rate of
100 ◦C·s−1.

 

Figure 13. Microstructure of the samples after dilatometry—austenitization at 830 ◦C, strain e = 1.0.
(a) Cooling rate of 0.2 ◦C·s−1; (b) cooling rate of 3 ◦C·s−1; (c) cooling rate of 35 ◦C·s−1.
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It should be noted that martensite was found in all samples, at least in trace amounts, even after
cooling at the lowest rate. This occurrence of martensite was so small that it could not be manifested in
the analysis of the dilatation curves. The minor local occurrence of martensite in microsegregations
(probably of manganese and chromium [57]) was documented in the photographs (see Figure 9a
for an example) but was not included in Table 2. In case of the cooling rate minimization and
quasi-equilibrium conditions’ achievement in the dilatometry of the investigated steel, the fraction
of ferrite and perlite would further increase at the expense of the bainite and martensite content.
However, due to the existence of microsegregations, some trace occurrence of martensite cannot be
excluded even under these conditions.

For comparison, a metallographic analysis of the initial hot-rolled structure of the investigated
steel was also performed (see Figure 14). Due to its phase composition, this microstructure is close to
structures obtained after dilatometric testing from the lower austenitization temperature and using the
cooling rate of about 3 ◦C·s−1. The hot-rolled microstructure appears to be somewhat coarser.

 

Figure 14. Structure components in the initial hot-rolled state.

3.3. Hardness Influenced by the Cooling Rate

Table 3 presents the hardness values measured for selected samples after dilatometry. The HV30
hardness in the range of about 225 to 495 was achieved. As the cooling rate increases, the total fracture
of bainite and martensite in the structure increases, leading to steady growth in hardness. After cooling
at a rate of 50 ◦C·s−1 and higher, the structure consists almost exclusively of martensite and the hardness
remains practically stable.

Table 3. Hardness HV30 of the selected samples after dilatometry.

Cooling Austenitization Temperature/True Strain

Rate TA = 880 ◦C TA = 830 ◦C
(◦C·s−1) e = 0 e = 0.35 e = 1.0 e = 0 e = 1.0

0.2 223 228 243 229 223
0.5 – 255 – – –
0.7 – 263 – – –
1.0 258 – 266 260 268
1.7 267 283 277 – –
2.2 – – 303 – –
3.0 294 309 328 293 300
5.0 347 – – 308 319
10 – 400 – 355 358
20 – – – – 387
25 472 443 – – –
35 478 475 487 462 428
50 – – 497 – –

100 500 – – – –
200 – – – 494 –
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3.4. Comparison of the Results

The comparative graph in Figure 15 shows that, for 23MnNiCrMo5-3 steel, it is not possible to
unambiguously determine the effect of deformation on the kinetics of phase transformations after
high-temperature austenitization. Both the bainitic and martensitic regions remain almost intact by the
pre-deformation. The only significant deviation is the course of the perlite-start curve after deformation
e = 0.35.

Figure 15. Comparison of the transformation diagrams for the austenitization temperature of 880 ◦C.

Such behavior is surprising and inconsistent with the results of many other studies on the effect
of plastic deformation on the continuous cooling transformation diagrams [1–3,5,6,10,14,22,38–41,58].
However, less unambiguous data can be found comparing the CCT and DCCT diagrams for some
steels. The effect of austenitization temperature (940 ◦C or 1000 ◦C) as well as the pre-deformation
(true strain of 0 or 0.35) was quite insignificant in the case of high-carbon steel with 0.73% C [37].
Relatively low strain values of up to 25% had almost no effect in manganese–nickel and manganese
low-alloy steels [52]. For the HSLA steel microalloyed with niobium and vanadium, the CCT and
DCCT (strain e = 0.35) diagrams differed only slightly after austenitization at 900 ◦C [7]. At cooling rates
below about 4 ◦C·s−1, the ferrite-start temperatures were even lower in the case of pre-deformation.
This deceleration of austenite→ ferrite transformation at the slow cooling rates could have been caused
by the static recrystallization of deformed austenite, followed by a certain grain growth. A similar result
was presented in article [1] for steel containing 0.28% C, 1.41% Mn, 0.26% Cr, 0.22% Mo, 0.027% Nb,
0.028% Ti, 0.019% V, and 0.003% B; the austenitizatin temperature was 885 ◦C and true strain e = 0.69.
The pre-strain e = 0.2 after austenitization at 900 ◦C did not influence the ferrite-start transformation
temperatures at all, and the ferrite-finish transformation temperatures increased only at cooling rates
above 5 ◦C·s−1 [8].

In the case of low-temperature austenitization, the results for the 23MnNiCrMo5-3 steel already
correspond to the theoretical assumptions—see Figure 16. The plastic deformation almost does not
affect the austenite→ bainite or austenite→martensite transformation, but it fundamentally expands
the ferrite and pearlite regions towards the higher cooling rates. At low cooling rates (approx. below
2 ◦C·s−1), the effect of deformation on the ferrite-start or pearlite-start temperature is more or less
not manifested.

258



Materials 2020, 13, 5116

Figure 16. Comparison of the transformation diagrams for the austenitization temperature of 830 ◦C.

Qualitatively similar results were obtained when testing bainitic steel containing 0.04% C, 1.0% Mn,
1.0% Cr, and 0.065% Nb after austenitization at 880 ◦C [59]. The pre-deformation with a total strain of
0.6 and a strain rate of 1 s−1 had a great effect on the structural constituents. In the case of the CCT
diagram, the microstructure was a mixture of bainitic ferrite and granular bainite over a wide range
of the cooling rates. Plastic deformation of austenite changed the microstructure to fully polygonal
ferrite at all the investigated cooling rates, apart from the appearance of a very small fraction of
pearlite at cooling rates ranging from 2 to 20 ◦C·s−1. The acceleration of the phase transformation
austenite→ ferrite due to plastic deformation was very effective in this case.

The graph in Figure 17 also corresponds well to the comparative Figures 15 and 16. Considering the
common scatter of the measured values, it can be stated that after high-temperature austenitization,
the hardness is not affected by the previous strain value—see the trend indicated by the solid curve.
In the medium cooling rate range, the hardness of the samples austenitized at 830 ◦C is relatively lower.
This is particularly evident in the case of the pre-deformation e = 1, primarily due to the increased
content of soft ferrite (see the dashed line).

Figure 17. Hardness as a function of experimental conditions and cooling rate.

A definite explanation of the causes of these phenomena is not easy, because we do not always
have evidence of the nature of the austenitic structure entering the relevant phase transformation.
This mainly concerns the low cooling rates, leading to the decomposition of austenite into ferrite and
pearlite. Conversely, after higher cooling rates, it is relatively easier to obtain information about the
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prior austenitic grains by etching the as-quenched material. The visualization of such grain boundaries
is documented by examples in Figure 18.

 

Figure 18. Prior austenitic grain boundaries in the samples cooled at a rate of 10 ◦C·s−1. (a) TA = 880 ◦C,
undeformed; (b) TA = 880 ◦C, strain e = 1.0; (c) TA = 830 ◦C, undeformed; (d) TA = 830 ◦C, strain e = 1.0.

After deformation and cooling, the austenitic grains were always more or less equiaxed but with
considerably different sizes. This indicates an uneven course of recrystallization and probably also the
growth of some recrystallized grains.

The prior austenitic grain data for samples cooled at a rate 10 ◦C·s−1 are compared in Figure 19.
Confidence intervals (see the red vertical line segments) were estimated for the significance
level α = 0.05.

Figure 19. Influence of the austenitization and deformation parameters on the size of prior
austenitic grains.
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Reducing the austenitization temperature by 50 ◦C decreased the austenitic grain size after
heating by almost half. The plastic deformation of e = 1.0 resulted in grain refinement of about 50%
at an austenitization temperature of 880 ◦C and 45% at an austenitization temperature of 830 ◦C,
respectively. However, these changes in the prior structure significantly affected the kinetics of phase
transformations only in the case of low-temperature austenitization. Thus, it is not only the absolute
grain size that could be decisive but probably also the type of softening processes taking place during
the cooling of the deformed austenite. The graph in Figure 20 plots parts of the hot flow curves around
the stress peak corresponding to both austenitization temperatures and strain rate of 1 s−1. From the
calculated values of ec, it is clear that at both used deformation temperatures the strain e = 0.35 is
sufficient to start the dynamic recrystallization. Consequently, a combination of metadynamic and
static recrystallization can be expected during cooling in this case. The strain e = 1.0 corresponds to
a steady state for both temperatures, and only metadynamic recrystallization should occur during
cooling. Thus, the post-dynamic softening mechanisms did not differ significantly after the intense
plastic deformation performed at a temperature of 830 ◦C or 880 ◦C. The key will be the role of cooling
time, of course longer in the case of the higher austenitization and deformation temperature. At low
cooling rates, these times are prolonged, which allows the more perfect softening of the deformed
structure and possibly also coarsening of the austenitic grains before the actual phase transformation.
The decomposition of austenite is markedly different only in the case of a single combination of
experimental conditions (TA = 830 ◦C and e = 1.0), when there is a significant shift of the ferrite-start and
pearlite-start curves towards the shorter times (see Figures 15 and 16). In this case, the austenitic grain
size of 4.0 μm is almost 40% smaller than in the test performed at TA = 880 ◦C and e = 1.0 (i.e., 4.0 μm vs.
6.5 μm—see Figure 19). This is true for the area of medium cooling rates (close to 10 ◦C·s−1), where the
differences between the CCT and DCCT diagrams in Figure 16 are most pronounced. During slow
cooling (about below 2 ◦C·s−1), the differences in austenitic grain size are probably blurred, as evidenced
by the agreement of the ferrite-start and pearlite-start temperatures in the transformation diagrams
corresponding to the low austenitization temperature.

Figure 20. Experimentally determined stress–strain curves and strain ec values necessary to initiate
dynamic recrystallization—detail of the peak stress area.

Generally, the austenitization temperature can have a major effect on the kinetics of phase
transformations during the cooling of the deformed structure. The prior grain size and the state of
precipitates in HSLA steel are important [7], leading to a significant acceleration of the austenite→ ferrite
transformation at cooling rates above about 4 ◦C·s−1 after austenitization at 900 ◦C compared to
preheating at 1280 ◦C. The effect of the very high temperature of austenitization (e.g., 1200 ◦C vs.
885 ◦C in [1]) is strong and results in the shift of the C-curves for diffusion controlled transformations
towards the longer times. Experiments performed on 34CrMo4 steel showed a minor effect of a high
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austenitization and deformation temperature of 1200 ◦C on the DCCT diagram in comparison with the
CCT diagram [22]. A compressive deformation of 30 or 60% only slightly changed the transformation
behavior except for a rise in the martensite-start temperature.

It should be emphasized that the results obtained for 23MnNiCrMo5-3 steel are valid to true
strain rate ė = 1 s−1. Changing the parameters of dilatometric tests could lead to rather different
results. The problem is probably not the direct influence of the strain rate on the kinetics of phase
transformations [19,27] but rather influencing the type of the interconnected softening processes during
plastic deformation and during subsequent cooling. It may be important whether dynamic and thus
metadynamic recrystallization can be induced, or whether static recrystallization will dominate [60–62].
The critical strain values of ec required to initiate dynamic recrystallization in various alloys is a
function of the temperature-compensated strain rate (i.e., the Zener–Hollomon parameter Z (s−1))
according to the Sellars model [63–69]:

ec = A ·ZB, (1)

Z =
.
e· exp

( Q
R·T
)

(2)

where T (K) is temperature, R = 8.314 J·mol−1·K−1 is the gas constant, and A and B are the material
constants. As the strain rate increases, the critical strain ec will grow, and the probability of at least
partial metadynamic recrystallization during cooling will decrease. In addition, the dependence
according to Equation (2) can be complicated by varying the size of prior austenitic grains [70].

4. Conclusions

Using dilatometric tests and metallographic analyses, a total of five different continuous cooling
transformation diagrams were made for 23MnNiCrMo5-3 steel. Pre-deformation corresponding to
the compressive true strain of 0.35 or even 1.0 had no clear effect on the austenite decomposition
kinetics at the austenitization temperature of 880 ◦C. The reason is too great a difference between
this high deformation temperature and the Ac3 temperature determined to be 801 ◦C. During the
long-lasting cooling, recrystallization and probably coarsening of the new austenitic grains occurred,
which practically eliminated the influence of plastic deformation on the temperatures of the
diffusion-controlled phase transformations.

Decreasing the austenitization and deformation temperature to 830 ◦C has already led to the
expected results regarding the effect of plastic deformation on the individual phase transformations in
steels. In the region of the cooling rate approximately between 3 ◦C·s−1 and 35 ◦C·s−1, there was a
significant acceleration of the austenite→ ferrite and austenite→ pearlite transformations due to the
applied strain of 1.0. A shift of the curves of ferrite-start and pearlite-start towards the shorter times is
evident. On the contrary, the kinetics of the bainitic or martensitic transformation remained almost
unaffected by the pre-deformation. The acceleration of the diffusion-controlled phase transformations
results from the formation of a fine-grained austenitic microstructure with a mean grain size of about
4 μm. As the analysis of the stress–strain curves showed, the grain refinement was performed by
dynamic and metadynamic recrystallization in this case. At low cooling rates, the effect of plastic
deformation on the kinetics of phase transformations was more or less blurred again.

The obtained results showed the key importance of the austenitization or finish-rolling temperature
in combination with the cooling rate for the structure-forming processes taking place in the investigated
steel. The DCCT diagrams enable us to optimize the cooling rate of the continuously rolled wire
and thus obtain a suitable microstructure with a sufficient fraction of bainite. The CCT diagram
corresponding to the austenitization temperature of 880 ◦C is important for determining the cooling rate,
which ensures a fully martensitic microstructure after the final hardening of the high-strength chains.
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Abstract: The dynamic recrystallization behavior of ultra-high strength boron-microalloyed steels
optionally alloyed with niobium and molybdenum is analyzed in this paper. Multipass torsion tests
were performed to simulate plate rolling conditions followed by direct quenching. The influence
of alloy composition on the transformed microstructure was evaluated by means of EBSD, thereby
characterizing the morphology of the austenite grain morphology after roughing and finishing passes.
The results indicated that for Nb-microalloyed steel, partial dynamic recrystallization occurred and
resulted in local clusters of fine-sized equiaxed grains dispersed within the pancaked austenitic
structure. A recrystallized austenite fraction appeared and transformed into softer phase constituents
after direct quenching. The addition of Mo was shown to be an effective means of suppressing dy-
namic recrystallization. This effect of molybdenum in addition to its established hardenability effects
hence safeguards the formation of fully martensitic microstructures, particularly in direct quenching
processes. Additionally, the circumstances initiating dynamic recrystallization were studied in more
detail, and the interference of the various alloying elements with the observed phenomena and the
potential consequences of dynamic recrystallization before quenching are discussed.

Keywords: austenite conditioning; multipass torsion tests; dynamic recrystallization; Nb–Mo-
microalloyed steels

1. Introduction

Ultra-high strength steel with a martensitic microstructure is the preferred material
for structural applications requiring an extreme load-bearing capacity or superior wear
resistance. Martensitic steels are traditionally produced by conventional quenching (CQ),
where the steel is reheated from ambient temperature back into austenite before quenching.
Direct quenching (DQ) is an increasingly often practiced variant for processing ultra-high
strength steel that enables cost and capacity optimization in steel mills [1]. The DQ method
typically applies fast cooling to conditioned austenite, while the CQ method acts on a
normalized (equiaxed) austenite microstructure. Accordingly, the martensite substructure
originating from the DQ process develops within a pancaked austenite microstructure [2].

The microstructural homogeneity of austenite before quenching is related to recrys-
tallization phenomena occurring along the entire austenite hot working process. An
inhomogeneous prior austenite microstructure is detrimental for the toughness and (partic-
ularly) ductile-to-brittle transition temperature of the quenched steel [2,3]. Microstructural
heterogeneity in austenite can be generated at different stages during the hot working
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process. Alloy additions of boron, niobium, and molybdenum induce strong solute drag
on austenite boundaries, thus delaying austenite recrystallization at temperatures between
1000 and 1100 ◦C [4]. If the austenite temperature during the last passes of recrystallizing
rolling (roughing) drops into that range, the recrystallization of austenite, especially in the
plate center, may not completely occur and individual non-recrystallized grains may not be
as refined as the recrystallized ones. This heterogeneity cannot be removed by subsequent
austenite conditioning (pancaking), resulting in pancaked grains of different thicknesses.
Only a complete normalization, as occurs under CQ conditions, results in a homogeneous
austenite microstructure.

On the other hand, strong austenite conditioning, which is typically connoted with
high reduction ratio and low finishing temperatures, can trigger dynamic recrystallization
in part of a microstructure. This event produces a fraction of very fine equiaxed austenite
grains. It has been shown that the application of large deformation strain at low austenite
temperature and the presence of dynamically recrystallized austenite compromises the
hardenability effect related to boron microalloying [2,5–8]. The hardenability related
to molybdenum alloying, however, appears to be much more robust under the same
processing conditions. Although the impacts of Nb and Mo in dynamic recrystallization
kinetics have been already analyzed, the synergetic effect of Nb, Mo and B for higher
Mo contents needs to be further explored. Therefore, the authors of the current study
investigates the circumstances initiating dynamic recrystallization in more detail. The
interference of the various alloying elements (Mo, Nb, and B) with the observed phenomena
and potential consequences of dynamic recrystallization before quenching are discussed.

2. Materials and Methods

The chemical composition of the boron-microalloyed steel designs using individual
or combined Nb and Mo additions is listed in Table 1. Boron was stopped from forming
boron nitride with an appropriate microalloy addition of titanium. The CMnB steel was
used as a reference and for comparison based on previous papers.

Table 1. Chemical composition of the steels investigated in this work (in weight percent).

Steel C Si Mn Mo Nb B

CMnB 0.15 0.32 1.05 - - 0.0022
CMnNbB 0.16 0.29 1.05 - 0.026 0.0019
CMnMoB 0.16 0.28 1.07 0.5 - 0.0022

CMnNbMoB 0.16 0.31 1.07 0.5 0..026 0.0018

Multipass torsion tests were performed to carry out hot rolling simulations followed
by direct quenching. The torsion samples comprised a reduced central gauge section of
17 mm in length with a diameter of 7.5 mm. The torsion specimens were subjected to the
thermomechanical deformation schedule shown in Figure 1. After soaking at 1200 ◦C for
10 min, allowing for the nearly complete dissolution of the microalloying elements B and
Nb, five deformation passes with the austenite temperature gradually decreasing from
1170 to 1150 ◦C were executed in order to re-produce the roughing stage. In the roughing
passes, a deformation strain of 0.2 at a strain rate of 2 s−1 and an interpass time of 6 s was
applied. Between roughing and finishing, the material was held for 360 s, allowing for
cooling to a finishing–start temperature of 880 ◦C. Eight finish deformation passes, each
applying a strain of 0.2, were applied with a strain rate of 5 s−1. The finish deformation
sequence ended at 830 ◦C. Subsequent slow cooling (1 ◦C/s) until 790 ◦C was followed by
accelerated cooling at a rate of approximately 30 ◦C/s down to ambient temperature.

268



Materials 2022, 15, 1424

Roughing

Finishing

Figure 1. Schematics of multipass thermomechanical cycle employed with the torsion testing machine
for simulating plate hot rolling.

Two specific hot torsion schedules (Figure 2) were designed to evaluate the influence
of the alloying elements Nb and Mo on the occurrence of dynamic recrystallization and to
verify under which conditions this mechanism was triggered during finishing deformation
passes. Both thermomechanical cycles started from reheating at 1200 ◦C for 10 min, followed
by five roughing passes, similar to the ones defined for the hot rolling simulation (Figure 1).
In one schedule (Figure 2a), the samples were cooled down to 850 ◦C after the last roughing
pass, when 8 finish deformation passes were isothermally applied with a strain of 0.2, a
strain rate of 5 s−1 and an interpass time of 1 s. The other schedule (Figure 2b) consisted
of one large deformation cycle at 850 ◦C, with a strain of 4 and a strain rate of 5 s−1. Both
schedules were followed by quenching to room temperature with a rate of approximately
30 ◦C/s.

Figure 2. Thermomechanical schedules employed at the torsion testing machine for analyzing
dynamic recrystallization phenomena: (a) roughing simulation followed by 8 deformation passes at
850 ◦C (ε = 0.2 and

.
ε = 5 s−1) and (b) roughing simulation followed by a deformation pass at 850 ◦C

(ε = 4 and
.
ε = 5 s−1).
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The quenched martensitic microstructures were metallographically characterized
in the sub-surface longitudinal section, corresponding to 0.9 of the outer radius of the
torsion specimen. The analysis of the austenite structure was performed after etching in
2% Nital by optical microscopy (OM, LEICA DM1500 M, Leica microsystems, Wetzlar,
Germany), and the quantification of microstructural features was performed via electron
backscattered diffraction (EBSD). The EBSD samples were polished down to 1 μm, and the
final polishing was performed with colloidal silica. EBSD was performed on the equipment
with a camera NORDLYS II (Oxford Instruments, Abingdon, UK), a well as an acquisition
program and data analysis, OXFORD HKL CHANNEL 5 PREMIUM coupled to the JEOL
JSM-7100 F FEG-SEM (JEOL Ltd., Tokyo, Japan). A scan step size of 0.2 μm was used,
and a total scanned area of 140 × 140 μm2 was defined for characterization of martensitic
microstructure. The EBSD scans were analyzed by means of TSL OIM™ Analysis 5.31
software (EDAX, Mahwah, NJ, USA).

Besides analyzing the direct quenched martensite, the austenitic structures prior to
martensite transformation were also characterized after etching in a solution of saturated
picric acid HCl. Due to the highly deformed austenitic microstructure, the reconstruction
of austenite was carried out by means of EBSD. For reconstructing the austenite prior to
transformation, a scan step size of 1 μm and a total scanned area of 500 × 500 μm2 were
defined. The analysis of strain-induced precipitation was also performed in the sub-surface
longitudinal section of the torsion specimen using a transmission electron microscope
(TEM, JEOL 2100, JEOL Ltd., Tokyo, Japan) with a voltage of 200 kV and LaB6 thermionic
filament. This analysis was done using carbon extraction replicas.

3. Results

3.1. Characterization of the Direct Quenched Martensitic Microstructure after Plate Hot
Rolling Simulation

The microstructures of the direct quenched steels following the hot deformation
illustrated in Figure 1 are shown in Figure 3a–c. While the Mo and NbMo added steels
exhibited fully martensitic microstructures, the CMnNbB steel comprised clusters consisting
of non-polygonal ferrite within the martensitic microstructure. The presence of the ferrite
phase resulted in a rather low hardness of 290 HV. The Mo- and NbMo-alloyed steels had
much higher hardness values of 394 and 422 HV, respectively.

EBSD analysis was performed in the same specific locations corresponding to the
optical images. Figure 3d–f shows grain boundary maps, in which low angle (between
2◦ and 15◦) and high angle boundaries (>15◦) are represented by red and black colors,
respectively. Grain boundary maps corresponding to the three steel grades confirm the
formation of a very fine-sized and complex microstructure. The presence of a substructure
is reflected in a high density of low angle boundaries. However, in the CMnNbB steel
(Figure 3d), some areas are clearly lacking this substructure, thus indicating that a softer
phase was formed within the otherwise martensitic matrix. The mean unit sizes considering
both tolerance angles (D2◦ and D15◦) are indicated in the grain boundary maps. The
CMnMoB and CMnNbMoB steels showed similar mean unit sizes, D2◦ and D15◦, of about
0.9 and 1.3 μm, respectively. However, for CMnNbB grades, slightly coarser mean unit
sizes of 1.1 and 1.5 μm were found for D2◦ and D15◦, respectively. The kernel average
misorientation (KAM) maps shown in Figure 3g–i reflect the presence of highly dislocated
microstructures such as martensite and bainite (red- and yellow-colored areas, respectively).
Yet in the CMnNbB steel, larger islands with lower dislocation density (blue and green
colored areas) can be seen; these represent softer ferritic phases. The KAM value increased
from 1.38◦ in CMnNb steel to 1.57◦ in the CMnMoB and CMnNbMo steels. In Figure 3j–l, the
unit size distributions considering low and high angle misorientation criteria (boundaries
between 2◦ and 15◦ and boundaries higher than 15◦, respectively) are plotted for the three
steels. For both misorientation criteria, a finer unit size distribution can be observed in the
CMnNbMoB steel compared to the CMnNbB steel.
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Figure 3. (a–c) Optical images, (d–f) grain boundary maps, and (g–i) kernel maps obtained for (a,d,g)
CMnNbB, (b,e,h) CMnMoB, and (c,f,i) CMnNbMoB steels. (j–l) Unit size distributions measured for
Nb, Mo, and NbMo grades, respectively (low and high angle misorientation criteria are considered).
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3.2. Impact of Adding Nb and Mo on Austenite Conditioning

As the final martensitic features are strongly influenced by the austenite morphology
prior to phase transformation, the characterization of the prior austenitic structure was
analyzed (Figure 4). However, hot rolling simulations generating extremely deformed
austenite hinder quantitative characterization. In all steel alloys, the microstructure com-
prised highly elongated austenite grains (Figure 4a,c,e). The accumulation of deformation
was most pronounced for the combined addition of Nb and Mo (Figure 4e,f). Analyzing
the optical images obtained at higher magnifications (Figure 4b,d,f) revealed a fraction
of fine equiaxed grains in the CMnNbB grade, as indicated with red arrows in Figure 4b.
These must have resulted from localized dynamic recrystallization occurring during final
deformation. In the Mo-bearing steel grades, such equiaxed grains were not observed (see
Figure 4d,f).

Figure 4. Optical micrographs at different magnifications ((a,c,e) and (b,d,f), at low and high magni-
fications, respectively) corresponding to all steel grades after the multipass torsion test (etched by
Picric acid).

EBSD inverse pole figure (IPF) maps obtained on the martensitic microstructures
(Figure 5a–c) allowed for the reconstruction of the prior austenite grain structure (Figure 5d–f)
according to a procedure defined in [9,10]. The reconstruction confirmed the presence of
elongated austenite grains in all steels. In agreement with the optical microscopy analysis,
the reconstructed austenite structure of the CMnNbB steel demonstrated a fraction of very
fine equiaxed grains.
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Figure 5. (a–c) IPF maps corresponding to the martensitic microstructure and (d–f) Reconstructed
austenite microstructures for different steel grades.

When deforming Nb-microalloyed steels at austenite temperatures below Tnr, strain-
induced precipitates can be formed, delaying static recrystallization and promoting strain
accumulation prior to transformation. Usually, the pinning effect of these strain-induced
particles is assumed to be strong enough to block any further static recrystallization during
conventional hot deformation sequences. Carbon extraction replicas of the CMnNbB steel
were analyzed with TEM, as shown in Figure 6, where different precipitate populations can
be identified. Precipitates composed of Nb and Ti of relatively larger size (Figure 6a) were
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likely undissolved particles existing prior to the soaking treatment. Additionally, strain-
induced precipitates in the size range between 10 and 30 nm were observed (Figure 6b–d).
The microanalysis shown in Figure 6e shows that Nb and Ti comprised these carbide
particles. These strain-induced precipitates efficiently blocked static recrystallization during
the finishing passes.

  
(a) 

  
(b) 

  
(c) 

  
(d) 

 
(e) 

Figure 6. (a–d) Presence of non-dissolved Nb–Ti precipitates and strain-induced fine precipitates
(NbTi-rich) in CMnNbB steel after plate hot rolling simulation and DQ. (e) Microanalysis of the
strain-induced precipitate marked in (c) with a red arrow (the presence of Cu in the spectrum is
associated with the grid holding of the carbon replica).

Molybdenum, on the other hand, does not precipitate in austenite due to its high
solubility even for the current addition of 0.5 mass% [11]. Hence, the observed austenite
pancaking in the CMnMoB steel must have primarily been caused by a strong solute drag
effect acting on the grain boundaries. The absence of fine-sized equiaxed austenite grains
in the microstructure of that steel suggests that the presence of strain-induced precipitates
is not decisive for the avoidance of dynamic recrystallization.
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3.3. Analysis of Dynamic Recrystallization Onset

The deformation schedule specified in Figure 2a was designed to provoke dynamic
recrystallization in the investigated steels. The resulting stress–strain curves in Figure 7a–c
indicate that the peak stress was reached during the fifth deformation pass for the Nb-
microalloyed steels and during the seventh deformation pass for the CMnMoB steel. The
molybdenum-alloyed steels reached a higher peak stress than the CMnNbB steel. The
stress–strain curve reveals a transition from continuous yielding to pronounced yielding in
the second pass for the Nb-microalloyed steels. This could have been related to the strain-
induced precipitation of Nb. The Nb-free steel only showed this yielding phenomenon
during later passes. Potentially, Ti or B formed precipitates in that steel since molybdenum
does not form carbides in austenite due to its good solubility. Analyzing the austenite
grain structure after eight deformation passes (Figure 8a–c) revealed a fraction of extremely
fine-sized equiaxed austenite grains within the pancaked austenite matrix of all steels, as
indicated with red arrows in Figure 8a. The recrystallized austenite grains were clustered
in areas where austenite pancakes were particularly thin. Apparently, molybdenum al-
loying could not completely prevent the initiation of dynamic recrystallization. However,
molybdenum significantly suppressed the volume fraction of recrystallized austenite grains
during the simulated plate rolling schedule (Figure 5).

Figure 7. (a–c) Stress–strain curves for 8 deformation passes of ε = 0.2 (CMnNbB, CMnMoB, and
CMnNbMoB grades, respectively) and (d) one deformation pass of ε = 4 at 850 ◦C.
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Figure 8. Optical images corresponding to the austenitic structure obtained after the thermomechani-
cal cycle shown in Figure 2: (a–c) Roughing simulation and 8 deformation passes of 0.2 at 850 ◦C
(see Figure 2a); (d–f) roughing simulation and 1 deformation pass of 4 at 850 ◦C (see Figure 2b).
Dynamically recrystallized grains are indicated with red arrows.

This effect was further elucidated after applying a large strain during a single de-
formation pass according to Figure 2b. The stress–strain curves of all three steels reveal
continuous yielding (Figure 7d). The mean flow stress increased in the order of CMnNbB,
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CMnMoB, and CMnMoNbB steels. The austenite grain structure after the large deforma-
tion cycle (Figure 8d–f) reflected the nearly complete recrystallization in the CMnNbB
steel, which showed fine-sized equiaxed grains with sizes of up to around 10 μm. The
molybdenum-alloyed steels, however, presented a mixed microstructure consisting of elon-
gated grains and recrystallized grains. The recrystallized grains were extremely fine-sized,
typically smaller than 3 μm. This observation again indicates that molybdenum alloying
did not completely prevent the initiation of dynamic recrystallization. For analyzing the
critical strain triggering dynamic recrystallization, single pass deformation cycles were
interrupted at lower strain values. Dynamically recrystallized grains were not found for
a strain of ε = 1 (Figure 9a,b). At the strain of peak stress, εp (being 1.26 and 1.30 for
the CMnNbB and CMnNbMoB steels, respectively), dynamic recrystallization did occur
(Figure 9c,d). The critical strain, εc, triggering dynamic recrystallization was determined
to be 1.08 and 1.1 for the CMnNbB and CMnNbMoB steels, respectively. The ratio of
critical strain to peak strain was around 0.85 for both steels; this ratio is in the range of
those reported in the literature for C–Mn and microalloyed steels [12]. Thus, the critical
strain was obviously not significantly influenced by molybdenum alloying. However,
molybdenum appeared to strongly obstruct the nucleation and growth of austenite grains
under dynamic recrystallization conditions.

Figure 9. Optical micrographs after (a,b) ε = 1 and (c,d) εp deformation passes for: (a,c) CMnNbB
and (b,d) CMnNbMoB steel grades (dynamically recrystallized grains are indicated with red arrows).

4. Discussion

The kinetics of dynamic recrystallization is influenced by the initial austenite grain
size and the Zener–Hollomon parameter defined as Z =

.
εexp(Qdef/RT), where Qdef is

the activation energy, R is the gas constant,
.
ε is the strain rate, and T is the absolute

temperature [13]. For coarse grain sizes, DRX kinetics is delayed due to the reduction
of the amount of available nucleation sites as the grain boundary area per unit volume
is decreased. No significant difference regarding the initial average austenite grain size
after roughing simulation was observed in the studied steels. The measured values were
approximately 50 μm in all steels. Therefore, the main influencing factor in the kinetics of
DRX in the present experiments must have been the Zener–Hollomon parameter. Since the
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strain rate and deformation temperature were equal in all experiments, the activation energy
was the main criterion accounting for the observed differences. The solutes having variable
influence on the activation energy were Nb and Mo. Most of the Ti was bound in TiN, and a
residual fraction participated in strain-induced NbC particles, so the residual solute amount
of Ti was negligibly small. Solute Mo is known to impede the movement of high angle grain
boundaries due to solute drag [14]. Schambron et al. [15] experimentally demonstrated
that the activation energy for DRX correlates with Mo content (in mass percent) by a factor
of 323 kJ/mol. Hence, the studied Mo content of 0.5 mass% increased the activation energy
by 160 kJ/mol. Niobium is considered the most potent element in retarding DRX by
solute drag [13]. However, under the applied hot deformation conditions, Nb partially
precipitated and thereby lowered its solute content. From previous experiments on the same
steels, it was concluded that the amount of soluble Nb after quenching hot worked steel is
below 0.01 mass%. Strain-induced precipitates, on the other hand, are not very effective
in suppressing DRX. Accordingly, DRX is expected to more likely occur in the CMnNbB
steel, in agreement with the present experimental observations. Boron has been claimed to
facilitate a softening effect due to its non-equilibrium grain boundary segregation [16,17].
A similar effect must have occurred in all investigated steels because the boron content was
nominally identical.

The Tnr temperatures for the current steels were previously determined as 955, 980,
1010, and 1024 ◦C for the CMnB, CMnNbB, CMnMoB, and CMnNbMoB steels, respec-
tively [4]. Accordingly, all finishing temperatures shown in the current experiments were
below Tnr. Though the Nb- and/or Mo-alloyed steels presented a pronouncedly pan-
caked austenite structure (Figure 5), the CMnB base steel comprised a completely equiaxed
austenite microstructure with a generally fine average grain size (Figure 10). Due to this
refinement, the total austenite grain boundary area per material volume was significantly
increased. It was shown by de Rosa et al. [18] that boron segregation to austenite grain
boundaries occurs extremely quickly and even during the quenching cycle. Several studies
using atom probe tomography [19,20] have indicated a high concentration of boron in the
immediate vicinity of austenite grain boundaries while the grain interior away from the
boundaries becomes nearly depleted of boron. When boron segregation proceeds during
austenite conditioning, additionally supported by a strong flux of vacancies towards the
austenite boundaries, it is possible that no diffusible boron is left for covering the new
austenite grain boundaries generated by dynamic recrystallization. Earlier investigations
on the current and other boron-alloyed steels [2,6–8] revealed that the hardenability ef-
fect related to boron is weakened when applying substantial strain immediately before
quenching. In CCT diagrams reported in the previous works, the ferrite and bainite phase
fields are then shifted towards shorter times and higher transformation temperatures under
direct quenching conditions.

In the CMnNbB steel, DRX fully occurred only when large strain (ε = 4) was ap-
plied. Thus, under conditions representing a TMCP rolling schedule, pancaked grains
with accumulated strain could coexist with fine-sized recrystallized grains. The strain
accumulation increased the driving force for transformation while the recrystallized grain
fraction was exposed to insufficient boron protection, as described before. The presence
of ferrite colonies (Figure 3) in the former partially recrystallized austenite area indicated
an early transformation, probably due to insufficient boron protection. The combination
of both effects further extended the ferrite phase field under direct quenching conditions
compared to completely recrystallized CMnB steel [6].
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Figure 10. (a) Reconstructed austenite by EBSD and (b) optical image corresponding to austenite
obtained after picric acid for CMnB steel grade.

The molybdenum-alloyed steels showed high strain accumulation without causing
obvious dynamic recrystallization for the simulated rolling schedule (Figure 4). Their
hardenability is much better than that of the Mo-free variants [6]. Ferrite formation was
substantially retarded to a similar extent for direct quenching and conventional quenching
conditions. That means the ferrite-suppressing effect of molybdenum was not measurably
influenced by the presence of accumulated strain. This behavior is in good agreement
with the results of Hannula et al. [7] who investigated the hardenability of very similar
DQ steel alloys. Their results indicated the formation very fine-grained equiaxed austenite
decorating the boundaries of much larger pancaked austenite grains when finish rolling at
800 ◦C. Such necklace structures gradually disappeared when molybdenum was added
to the CMnB steel in amounts of 0.25 and 0.5 mass%. They were generally absent when
applying less severe austenite pancaking and using a higher finish rolling temperature of
900 ◦C. However, despite severe pancaking and strain accumulation at the low finishing
temperature, full hardenability was achieved in the molybdenum-alloyed steels in contrast
to the CMnB steel. Like boron, molybdenum is strongly segregating at austenite grain
boundaries [19,20]. Yet, a sufficiently high concentration level remained in the grain interior
due to the comparably high molybdenum alloy addition. Accordingly, the Zener–Hollomon
parameter had to have been significantly increased in the region near the grain boundary.

The micrographs of Figure 4 indicate that the austenite microstructure was not ho-
mogeneously deformed after the simulated rolling schedule but comprised a considerable
range of austenite pancake thicknesses. Dynamic recrystallization was found to primarily
initiate in the zones of most narrow pancakes. This was similar in all investigated steels
(Figure 8a–c). The stress–strain curve for large deformation (Figure 7d) reveals that the
stress initially increased to a relatively broad peak stress and then slowly declined to a
steady state at large strain. In the steady state, the recrystallized grains generally grew
in the CMnNbB steel, while they remained much finer in the molybdenum-alloyed steels
(Figure 8 d–f). The observed features suggest geometric dynamic recrystallization (GDRX)
as the acting mechanism [21]. In this mechanism, the impingement of serrated austen-
ite pancake boundaries occurred when the pancake thickness approached 1–2 sub-grain
size dimensions. Furthermore, the micrographs in Figure 9 indicate that GDRX did not
instantaneously occur upon reaching the critical stress. The narrow ends of pancakes show
the first appearance of ultrafine equiaxed grains in agreement with the model of de Pari
and Misiolek [22], suggesting the gradual progress of GDRX with increasing strain. The
steady state sub-grain size decreased with the increasing Zener–Hollomon parameter in
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the molybdenum-alloyed steels compared to the CMnNbB steel. In areas where extremely
thin pancakes were clustered prior to GDRX, the molybdenum concentration must have
been increased due to the close proximity of boundary segregation profiles. Therefore, the
recrystallized grain size remained smaller in these areas, while it was larger in areas of
formerly thicker pancakes. Petterson et al. [23], using hot torsion tests, showed that the
critical strain for GDRX is directly related to the initial grain size and inversely related to
the sub-grain size. Both features were similar in the currently discussed steels, as were the
observed critical strains regardless of the Zener–Hollomon parameter. The critical strain
triggering GDRX under deformation in compression was indicated to become smaller than
that in torsion [23], which is of relevance when considering industrial rolling.

The occurrence of partial GDRX before quenching has additional implications for
martensitic transformation behavior. Experimental and theoretical studies [24–26] have
indicated that the martensite-start temperature rapidly decreases for prior austenite grain
sizes below 10 μm. Equiaxed grains originating from GDRX have sizes in the order of 1 μm
and hence transform at lower temperature than surrounding austenite pancakes. The de-
layed transformation of the ultrafine austenite grains during quenching can thus lead to the
buildup of residual stress because the dilatation caused by the martensitic transformation
cannot be accommodated by plastic deformation in the previously transformed martensitic
matrix. Such residual stresses typically result in unwanted quench distortion [27] and can
have a negative impact regarding hydrogen-induced delayed cracking [28].

5. Conclusions

The current study has confirmed that dynamic recrystallization (DRX) can occur in
direct quenching steels during austenite conditioning at low temperatures. After applying
a typical TMCP deformation-temperature schedule to standard CMnB steel, DRX resulted
in a fully equiaxed microstructure. The microalloying of niobium (0.026%) to such steel
produced pancaked austenite with the localized appearance of very fine equiaxed austenite
grains originating from DRX. The addition of molybdenum (0.5%) completely suppressed
DRX under the same TMCP conditions. This effect of molybdenum was related to a
significant increase of the Zener–Hollomon parameter.

Specific austenite conditioning, applying larger strain at low austenite temperature,
demonstrated that the molybdenum-alloyed steel could experience DRX, resulting in
ultrafine austenite grains. The progress of DRX and the austenite grain size was evidently
smaller than in the niobium-microalloyed steel without molybdenum addition.

The initiation of DRX in the niobium- and molybdenum-added steels was related to
the mechanism of geometrical DRX (GDRX). GDRX appeared to occur when the thickness
of individual austenite pancakes was approaching the dimension of 1–2 sub-grains and
proceeded gradually. Under a large single-pass strain (ε = 4), DRX was completed in the Nb-
microalloyed steel but not in the molybdenum-alloyed steels. The larger Zener–Hollomon
parameter in the latter steels resulted in a smaller size of the recrystallized grains.

The presence of fine-grained austenite generated by DRX was shown to produce soft
phases upon quenching under an industrial cooling rate of 30 ◦C/s. It was argued that
the sudden and late increase of the austenite grain boundary area caused by DRX could
weaken the hardenability effect related to boron.

Molybdenum alloying acts twofold—by its high inherent hardenability effect and by
avoiding DRX.

The presence of fine-grained austenite originating from DRX within a partially coarser
microstructure is expected to cause non-synchronous martensite transformation, with the
fine grains transforming at lower temperature. This phenomenon can induce residual
stresses that lead to quench distortion and should be investigated in a dedicated study.
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Abstract: The present paper analyzes UNS S32750 Super-Duplex Stainless Steel hot deformation
behavior during processing by upsetting. The objective of this paper is to determine the optimum
range of deformation temperatures, considering that both austenite and ferrite have different defor-
mation behaviors due to their different morphology, physical, and mechanical properties. Because the
capability of plastic deformation accommodation of ferrite is reduced when compared to austenite,
side cracks and fissures can form during the hot deformation process. Consequently, it is important
to find the optimum conditions of deformation of this type of stainless steel to establish the best
processing parameters without deteriorating the material. The experimental program involved the
application of hot deformation by the upsetting method on a series of samples between 1000 ◦C
and 1275 ◦C, with a total degree of deformation of 30%. The resultant samples were examined by
SEM-EBSD to establish and analyze the evolution of the phases present in the structure from several
points of view: nature, distribution, morphology (size and shape), and their structural homogeneity.
The GROD (Grain Reference Orientation Deviation) distribution map was also determined while
taking into account the possible precipitation of the secondary austenite phase (γ2-phase) and the
analysis of the dynamic recrystallization process according to the applied deformation temperature.
The main conclusion was that UNS S32750 SDSS steel can be safely deformed by upsetting between
1050–1275 ◦C, with an experimented total degree of deformation of 30%.

Keywords: super-duplex stainless steel (SDSS); SEM-EBSD microstructural analysis

1. Introduction

The material considered in this experimental research is Super-Duplex Stainless Steel
(SDSS), which shows a bi-phasic microstructure, composed of proportionally equal phases
of, δ ferrite, and γ austenite, with a sufficient content of Cr, Mo, and N to deliver high
corrosion resistance to pitting and to stress corrosion cracking [1,2]. In addition to these
important characteristics, SDSS displays an industrially recognized combination of high
mechanical strength and toughness [3,4]. However, this stainless steel represents only
approximately 1% of the total production of stainless steels manufactured, including
other two important types, austenitic stainless steels (ASSs), and ferritic stainless steels
(FSSs) [5,6]; compared to these two types of steel, one problem arises for SDSS due to the
distinct mechanical behavior of the two contenting phases that can lead to non-uniform
deformation in the case of thermomechanical processing of this material. It is known
that the main thermomechanical processing parameters (deformation temperature and
applied deformation degree) play a crucial role in all the hot-deformation processes of
metallic materials. This is because the correct selection and control of these parameters
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can prevent the unwanted generation of defects in the final products [7–10]. A suitable
hot-deformation regime must be established according to the distinct properties of the
contenting phases of the metallic material, such as: phase morphology, flow stress, strain
hardening coefficient, etc. In the case of SDSS, both stresses and strains from the applied
hot working regime are unevenly distributed in ferrite δ and austenite γ due to the lower
capability of plastic deformation accommodation of ferrite than that of austenite. This
triggers different deformation behavior for degrees of deformation [11–15]. It has been
reported that, in the case of applied recrystallization treatments prior to hot deformation
processing, the initial grains of γ austenite are smaller than the grains of δ ferrite, with a
direct repercussion on the microstructure of the alloy that was obtained after hot deforma-
tion, resulting in a more homogenous deformed γ austenite phase compared to the δ ferrite
phase [16,17]. In addition, several reports indicate that micro-cracks may appear in the δ

phase, which expand towards phase boundaries, leading to sample failure [15,18–22]. It
stands to reason that finding and establishing the hot deformation temperature and the ap-
plied deformation degree are important goals for the optimal thermomechanical processing
of SDSS alloys. Consequently, the main objectives of this research were the determination
of the optimum hot deformation temperatures range of the UNS S32750 SDSS alloy, and
the study of the main microstructural changes occurring during hot deformation. The
optimal degree of deformation for the UNS S32750 SDSS alloy, was analyzed in a previous
paper [23]. The current paper represents a continuation of these earlier experiments, with
the aim of establishing a whole package of optimal, useful, and necessary hot deformation
processing parameters.

2. Materials and Methods

2.1. Thermomechanical Processing Route

From the as-received (AR) UNS S32750 SDSS alloy (Sverdrup Steel, Stavanger, Nor-
way), cylindrical-shaped samples with an h/d ratio of 1.5 (height h = 27 mm, and diameter
d = 18 mm) were machined. The inspection with penetrant liquid was used to verify,
porosity, presence of microcracks, laps (pre-existing defects), etc., on the lateral surface of
all samples. Hot deformation of samples was conducted by upsetting, in axial compres-
sion, up to 30% total deformation degrees, by applying a 0.37 s−1 strain rate (a crosshead
speed of 10 mm/s, consistently maintained). The deformation temperature range was
selected between 1000 ◦C and 1275 ◦C, in 25 ◦C steps. For “freezing” the internal mi-
crostructure after the hot deformation processing, all samples were cooled in water. The
inspection with penetrant liquid was used after cooling to again investigate the samples
for fissures/microcracks. A detailed presentation of the thermomechanical processing
equipment used is presented in an earlier paper [23].

2.2. Microstructural Characterization

The reference system of the samples is shown schematically in Figure 1. Considering
this system, the samples were investigated in the LD-TD plane, in a/the selected area, situ-
ated two thirds (2/3) from the sample center. For cutting the samples, a precision Metkon
MICRACUT 200 (Metkon Instruments Inc., Bursa, Turkey) diamond cutting equipment
was used. All samples were hot mounted in conductive phenolic resin (NX-MET, Echirolles,
France) at 138 ◦C and 10 min holding time. The mounted samples were further polished,
using a Metkon Digiprep ACCURA (Metkon Instruments Inc., Bursa, Turkey) machine.
An additional super-polishing phase was conducted on a Buehler VibroMet™ 2 machine
(Buehler, Lake Bluff, IL, USA) for improving the sample surface quality. The polishing
and super-polishing phases of sample preparation are presented in detail in a previous
paper [23].
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Figure 1. The reference system for the investigated samples: the initial deformed sample (left); the
LD-TD section at middle-height of sample (right); the area investigated by SEM-EBSD analysis (green
square); longitudinal direction (LD); transverse direction (TD); normal direction (ND).

A TESCAN VEGA II—XMU (TESCAN, Brno, Czech Republic) scanning electron
microscope (SEM) was used for the microstructural analysis using the SEM-EBSD technique.
This microscope is equipped with an EBSD detector—BRUKER Quantax eFlash (Bruker
Corporation, Billerica, MA, USA). According to Figure 1, the analysis was conducted on
the LD-TD plane, at middle height, and a distance from the sample axis equal to 2R/3 (R is
the radius of the sample in the LD-TD plane). The phases considered for identifying the
microstructural constituents the of investigated UNS S32750 SDSS alloy, were as follows:
austenite phase (γ) and ferrite phase (δ). Both phases were indexed in the cubic system
(γ-225 and δ-229), the space group Fm3m for γ and Im3m for δ, and the lattice parameter
a = 3.66 Å for γ and a = 2.86 Å for δ, respectively. The parameters applied for the SEM-
EBSD analysis were as follows: a magnification of × 300, a resolution of 320 pixels ×
240 pixels, an acquisition time per pixel of 10 ms, a binning size of 1 × 1, and zero solutions
below 3%.

For the constituent phases, the weight fraction (proportion), the nature, morphol-
ogy, distribution, grain size, structural homogeneity, and dynamic recrystallization, were
analyzed in correlation with the considered hot upsetting temperature.

3. Results and Discussion

3.1. The As-Received (AR) UNS S32750 Super-Duplex Stainless Steel

The SEM-EDS technique was used to investigate the chemical composition of as-
received (AR) UNS S32750 Super-Duplex Stainless Steel. Figure 2a shows a representative
SEM-BSE image for the investigated SDSS alloy in the AR state. Figure 2b–g show the maps
for the dispersion of the main alloying elements within the SDSS structure (chromium,
nickel, molybdenum, manganese, silicon, and copper). Two main constituent phases are
observed after analyzing the distribution maps: a first one rich in Cr (Figure 2b), Mo
(Figure 2d), Mn (Figure 2e), and Si (Figure 2f); and a second one enriched in Ni (Figure 2c)
and Cu (Figure 2g). Table 1 shows the computed global chemical composition. It can be
observed that the weight percentage of alloying elements are consistent with the intervals
stated in the main standards (UNS S32750, ASTM A479 F53, AISI F53, WS 1.4410: Cr
24–26%wt; Ni 6–8%wt; Mo 3–5%wt; Mn max. 1.2%wt; Si max. 0.8%wt; Cu max. 0.5%wt;
N 0.2–0.3%wt; S max. 0.01%wt; P max. 0.035%wt; C max. 0.03%wt). The presence of
oxygen, nitrogen, carbon, and some other elements with a low Z (atomic number) were not
quantified, considering the limitations of the SEM-EDS technique.
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Figure 2. SEM-EDS colorized maps showing the main alloying elements distribution in the AR UNS S32750 Super-Duplex
Stainless Steel: SEM-BSE image of the microstructure (a); distribution map of Cr (b); Ni (c); Mo (d); Mn (e); Si (f); Cu (g).

Table 1. The average chemical composition of the AR UNS S32750 Super-Duplex Stainless Steel.

Constituent
Phase

Chemical Composition, [%, wt]

Cr Ni Mo Mn Si Cu Fe

global 25.85 ± 0.10 6.62 ± 0.12 3.05 ± 0.11 0.46 ± 0.09 0.38 ± 0.05 0.19 ± 0.03 balance

δ-phase 28.42 ± 0.09 5.17 ± 0.04 3.73 ± 0.12 0.48 ± 0.01 0.39 ± 0.01 0.15 ± 0.01 balance

γ-phase 25.28 ± 0.04 8.06 ± 0.04 2.31 ± 0.01 0.42 ± 0.02 0.37 ± 0.01 0.23 ± 0.01 balance

Figure 3a illustrates typical SEM-EBSD microstructural images of the AR UNS S32750
Super-Duplex Stainless Steel. Microstructural analysis showed that the UNS S32750 mi-
crostructure in the initial state, is homogeneous, with just two phases being identified
(see Figure 3b): (1) austenite-γ, colorized in red, with elongated irregular grains dispersed
within the ferrite phase; (2) ferrite-δ colorized in blue, which acts as a metallic matrix. The
average grain size of austenite γ is higher than that of ferrite δ, around 95 μm compared to
75 μm—see the grain size distribution from Figure 4. The proportion of constituent phases
is approximately 50–52% for δ ferrite and 50–48% for γ austenite. Other secondary phases
were not detected. The average chemical composition of both phases (γ and δ) is presented
in Table 1.

 

Figure 3. Typical SEM-EBSD microstructure images of AR UNS S32750 Super-Duplex Stainless Steel (a); distribution map of
constituent phases (γ-phase—red colorized and δ-phase—blue colorized) (b); GROD distribution map for both γ-phase and
δ-phase (c).
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Figure 4. Grain size distribution of γ-phase in AR UNS S32750 Super-Duplex Stainless Steel (a); grain size distribution of
δ-phase (b).

Grain Reference Orientation Deviation (GROD) distribution map for both γ-phase and
δ-phase, in the investigated field, is shown in Figure 3c. The GROD map serves as a tool
used for assessing the accumulated deformation or strain at a microstructural level [24,25];
the MO (misorientation) between a reference point and some other points of the considered
grain is the basis of GROD. The average orientation of the considered grain was established
as a reference point [26,27]. The GROD distribution map of the as-received (AR) UNS
S32750 SDSS (Figure 3c) shows that both γ-phase and δ-phase present low stressed grains,
with a maximum GROD of 9◦ recorded for the δ-phase. It can also be observed that the
γ-phase shows a lower and more uniform distribution of GROD compared to the δ-phase
(Figure 3c). Due to the low GROD, one can assume that the AR UNS S32750 Super-Duplex
Stainless Steel shows a low susceptibility to the generation of microcracks.

3.2. SEM-EBSD Microstructural Analysis of the Hot-Deformed Alloy

Figure 5 shows a series of representative SEM-EBSD images for the samples processed
by hot upsetting, from 1000 ◦C to 1275 ◦C, with a total deformation degree of 30%. For
characterizing the microstructural evolution during hot deformation, the following charac-
teristics were analyzed: distribution of constituent phases; the shape and size of grains;
GROD distribution map for constituent phases; the occurrence of recrystallization (RX) in
δ-phase grains, as well as the secondary austenite phase (γ2-phase) precipitation.

The analysis of microstructure evolution, from 1000 ◦C to 1275 ◦C, showed the pres-
ence of the following constituent phases: ferrite (δ-phase)—blue colorized, primary austen-
ite (γ-phase), and secondary austenite (γ2-phase)—red color, and σ-phase—yellow color.
At temperatures below 1050 ◦C, the presence of deleterious σ-phase can be observed,
mainly at the δ/γ interface, the decreased quantity of σ-phase fraction, indicating that
the dissolution of σ-phase is completed at 1050 ◦C. Another important observation can be
made for temperatures above 1175 ◦C, where one can observe the presence of a secondary
austenite phase (γ2-phase), mainly within the δ-phase at the δ/δ interface. This secondary
austenite (γ2-phase) is generated during heating within an intensely deformed δ-phase
matrix by heterogeneous nucleation, in sections where the supersaturation in N of the
δ-phase is supporting the precipitation phenomenon. Furthermore, the microstructure
inclusions are working as preferential nucleation sites for the γ2-phase, which can easily
nucleate next to these inclusions [28,29].
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Figure 5. SEM-EBSD images showing typical constituent phase distribution maps in hot-deformed UNS S32750 SDSS alloy
(from 1000 ◦C to 1275 ◦C).

Figure 6 shows a series of representative GROD distribution maps of samples pro-
cessed by upsetting, from 1000 ◦C to 1275 ◦C, with a total deformation degree of 30%.
Analyzing the GROD evolution, one can identify the following: for temperatures between
1000 ◦C to 1175 ◦C, the maximum GROD is registered for the δ-phase; while for temper-
atures between 1200 ◦C to 1275 ◦C the maximum GROD is registered for the γ-phase.
Analyzing the GROD evolution in the case of δ-phase, it was observed that the GROD
increases from 38◦ (at 1000 ◦C) to 49◦ (at 1100 ◦C), when maximum GROD is recorded,
followed by a continuous decreasing to 21◦ (until 1275 ◦C). Analyzing the GROD evolution
in the case of the γ-phase it was observed that the GROD increases from 26◦ (at 1000 ◦C)
to 44◦ (at 1200 ◦C), followed by a continuous decreasing to 32◦ (until 1275 ◦C). It can also
be observed that within the δ-phase areas, where GROD shows low-values (marked with
white circles); this indicates the recrystallization (RX) occurrence in δ-phase grains.
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Figure 6. Typical GROD distribution maps, for both γ-phase and δ-phase, in hot-deformed UNS S32750 SDSS alloy (from
1000 ◦C to 1275 ◦C).

During deformation of the alloy, the microstructure suffers an increase in defect
density, mainly in dislocation density with some new dislocations that are nucleating
continuously, from the primary Frank–Read sources. These are blocked at grain level, thus
resulting in an increased defect density. Moreover, during hot deformation, the grains
suffer rotations to accommodate the increased strain–stress fields. All those effects result in
large elastic strains and residual stress fields, visualized as high GROD areas (see Figure 6).
The observed behavior, in terms of GROD evolution, suggests that both the stress relieving
phenomena and the dynamic recrystallization of new grains phenomena must be consid-
ered. The stress relieving phenomena, which occurs during heating, induces important
changes within the deformed microstructure of the alloy, decreasing the imperfections
density and lowering the residual stress fields and the elastic strains [30–33]. One must
also consider the influence of the dynamic recrystallization of new grains, which can also
decrease the elastic strains and residual stress fields [30].

By analyzing all the microstructural images, one can observe that in all cases both δ

and γ phases show some representative morphologies of strain-hardened microstructures.
It is only in the case of δ-phase that some new RX grains are noticed (see Figures 6 and 7).
The small size of new RX grains is due to short duration of the hot upsetting process at tem-
peratures ranging from 1000 ◦C to 1275 ◦C. By analyzing the influence of the deformation
temperature on microstructural evolution, one can observe that the increase in deformation
temperature is leading to increased fragmentation in both γ and δ phases, which results
in a continuously decreasing average grain size for both phases (see Figures 7 and 8). At
1000 ◦C, one can observe the presence of some small new ferrite grains, with a low GROD,
which shows the occurrence of the RX phenomenon in δ phase (the sectors indicated by
white circles from Figures 6 and 7). For deformation temperatures up to 1200 ◦C, one can
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observe that the RX mechanism intensifies with the increasing of deformation temperature,
which considerably increases the weight fraction of the new recrystallized grains of δ phase
(see the sectors pointed by white circles from Figure 7). For the γ phase, no RX phenomena
was observed. Moreover, for upsetting temperatures above 1200 ◦C, the presence of a
secondary austenite phase (γ2-phase) can be noticed, mainly within the δ-phase at the δ/δ
interface, due to the δ → γ phase transition, showing an increased weight fraction with the
increase in deformation temperature (Figure 8).

 
Figure 7. Typical random-colorized δ-phase grain size distribution maps in hot-deformed UNS S32750 SDSS alloy (from
1000 ◦C to 1275 ◦C).

 
Figure 8. Typical random-colorized γ-phase grain size distribution maps in hot-deformed UNS S32750 SDSS alloy (from
1200 ◦C to 1275 ◦C).
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If one considers that all new recrystallized grains show a grain size below 5 μm,
then the weight fraction of the recrystallized grains belonging to both the δ-phase and γ2-
phase can be computed for each deformation temperature. Figure 9 shows the computed
weight fraction of the recrystallized δ-phase (a) and precipitated γ2-phase (b) grains as a
function of deformation temperature. One can observe that, in the case of δ-phase, the
weight fraction of recrystallized grains is continuously increasing from 1000 ◦C (when the
recorded weight fraction was close to 5.8%), up to 1175 ◦C (when the weight fraction is
reaching the maximum value, close to 14.6%). Further increasing the upsetting temperature
above 1200 ◦C leads to a decrease in the weight fraction of the δ-phase, with a value close
to 4.4% being recorded at 1275 ◦C. Considering the case of γ2-phase, it can be observed
that the weight fraction of newly precipitated γ2-phase grains is continuously increasing
in the 1200–1275 ◦C range, from 1.8% to 4.9%, due to the δ → γ phase transition, which
occurs mainly within the δ-phase at the δ/δ interface (Figure 8).

Figure 9. Weight fraction of recrystallized δ-phase (a) and precipitated γ2-phase (b) grains as a function of deformation
temperature.

All the above analysis concerning the microstructural modifications during hot de-
formation of the experimented material should be correlated with the mechanisms of
deformation that govern thermomechanical processing. Since the material contains two
phases with different deformation behaviors, the descriptions should be initiated separately
on each phase, and then correlated with each other.

When considering the austenite-γ phase, it must be highlighted that it is more ductile
than ferrite δ, due to the fcc crystalline structure of γ, as opposed to the bcc crystalline
structure of δ. The reason is that the atomic density is nearly double for the fcc crystal
structure when compared to the bcc crystal structure [34,35]; this leads to a lower critical
energy necessary for activating the slip/twinning processes that assure easier deformation
behavior. Consequently, it results that the δ phase (ferrite) manifests a higher strength and
resistance to plastic deformation compared to austenite, due to a lower potential to accom-
modate plastic deformation and a higher critical energy for activating the slip/twinning
systems [24–27].

Taking into account the criteria of minimum activation energy, the easiest slip system
to activate for the fcc crystals is the {111} <110> primary system, while for bcc crystals
it is the {110} <111> system; as for the easiest to activate twinning system, for the fcc
crystals it is the {111} <112> primary system, while for the bcc crystals it is the {112} <111>
system [24–27,35]. Therefore, the double atomic density mentioned above for austenite-γ
is manifested in the fcc {111} atomic twinning/slip planes compared to {110} and {112}
twinning/slip planes corresponding to the bcc system. As a result, it is understandable why
fcc crystalline phases adapt faster to deformation processes than the bcc crystalline phases
for the same processing conditions or for the same level of external stress. Additionally,
it can be mentioned that, if the deformations of the material are more intense, secondary
twinning/slip systems can be activated alongside primary twinning/slip systems, with
lower atomic density and higher Miller indices than primary ones [26,27].
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4. Conclusions

The main results of this research can be summarized as follows:

(a) For the experimented temperature range (1000–1025 ◦C) applied for hot deforming the
UNS S32750 Super-Duplex Stainless Steel by upsetting with a total degree of deforma-
tion of 30%, the microstructure of the studied material is composed of approximately
equal ratios of γ-phase and δ-phase before and after the hot deforming process.

(b) After all the applied variants of hot deforming, both δ and γ phases showed typical
morphologies of strain-hardened structures. During all experimented variants, lateral
fissures or cracks were not observed on the surface of UNS S32750 SDSS samples.

(c) The microstructural analysis via SEM-EBSD showed the presence of σ-phase between
1000–1025 ◦C, at the δ/γ interface; at temperatures above 1050 ◦C, this deleterious
phase was not present due to its complete dissolution.

(d) For the temperature range 1200–1275 ◦C, the SEM-EBDS analysis indicated the in-
creasingly intense formation of the secondary phase-γ2 at the δ/δ interface, as the
temperature increased up to 1275 ◦C. This signaled precipitation process can be
correlated with GROD analysis, which indicated a decrease in values for δ in this
temperature range, from 49◦ to 21◦ i.e., a decreasing stress for δ grains to values that
favor the precipitation of γ2 as well as intensifying dynamic recrystallization. The
small size of the new δ recrystallized grains occurs due to the short duration of the
hot deformation process. For the γ phase, no RX mechanism was observed.

(e) Considering the experimented temperatures for hot deforming (1000–1275 ◦C) and
the signalized presence of the deleterious σ-phase between 1000–1025 ◦C, it can be
concluded that the UNS S32750 Super-Duplex Stainless Steel can be safely deformed
by upsetting between 1050–1275 ◦C with an experimented total degree of deformation
of 30%.
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Abstract: Warm compression tests were carried out on low carbon and low alloy steel at temperatures
of 600–850 ◦C and stain rates of 0.01–10 s−1. The evolution of microstructure and texture was studied
using a scanning electron microscope and electron backscattered diffraction. The results indicated
that cementite spheroidization occurred and greatly reduced at 750 ◦C due to a phase transformation.
Dynamic recrystallization led to a transition from {112}<110> texture to {111}<112> texture. Below
800 ◦C, the intensity and variation of texture with deformation temperature is more significant than
that above 800 ◦C. The contents of the {111}<110> texture and {111}<112> texture were equivalent
above 800 ◦C, resulting in the better uniformity of γ-fiber texture. Nucleation of <110>//ND-oriented
grains increased, leading to the strengthening of <110>//ND texture. Microstructure analysis
revealed that the uniform and refined grains can be obtained after deformation at 800 ◦C and 850 ◦C.
The texture variation reflected the fact that 800 ◦C was the critical value for temperature sensitivity of
warm deformation. At a large strain rate, the lowest dislocation density appeared after deformation
at 800 ◦C. Therefore, 800 ◦C is a suitable temperature for the warm forming application, where the
investigated material is easy to deform and evolves into a uniform and refined microstructure.

Keywords: low carbon and low alloy steel; warm deformation; texture; recrystallization

1. Introduction

In industrial conditions, more than 80% of energy is consumed in heating and the
rest in rolling [1]. Taking the advantages of cold forming and hot forming, warm forming
at a temperature of 650–850 ◦C was applied in industry as an energy-saving technology.
The behavior and microstructure evolution of warm deformation have been studied on
various carbon steels. Typically, recovery and recrystallization occurred simultaneously
and interacted with each other during deformation, and their speed and share in microstruc-
tural variation depended on the chemical composition, initial microstructure and process
parameters [2]. At low deformation temperature and high strain rate, the work softening
rate increased significantly [3], and the increase in carbon content led to a decrease in
deformation activation energy [4].

Grain refinement occurred in both medium carbon and low carbon alloy steels during
warm deformation [5–7]. Ultra-fine grain microstructure also can be obtained by warm
deformation of ultra-low carbon steel [8,9]. Continuous dynamic recrystallization (CDRX)
can lead to the formation of new fine ferrite grains [7,10]. The cementite precipitated at
the ferrite boundaries, due to intragranular nucleation activation, then caused ferrite to
nucleate over the α/γ interface [11]. The elongated ferrite grains continuously dynamically
recrystallize to form the equiaxed fine ferrite grains [12]. Eghbali [13,14] conducted exten-
sive research on the warm deformation of low carbon steels and discovered that strain rate
had an important effect on grain refinement in the CDRX process.
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Grain refinement was also directly related to the spheroidization of cementite during
warm deformation [15,16]. Warm deformation at 650–750 ◦C promoted the spheroidization
of carbides, leading to flow softening [17,18]. In addition, the spheroidization of pearlite was
accelerated due to the heavy warm deformation of ferritic-pearlitic carbon steel, resulting
in the formation of completely spheroidized cementite, and the deformation at 670–700 ◦C
led to homogeneous distribution of cementite particles [19].

It is well recognized that texture is one of the key factors affecting the properties of
BCC metals and alloys [20], and texture might have negative effects on material characteris-
tics [20,21], such as ridging, earring, etc. A large number of scholars paid attention to the
grain orientation for different annealing processing parameters of steel sheets [22], so as
to obtain large plastic strain ratios. In general, {111}// ND has a larger Taylor factor than
{100}//ND in BCC metals, which means that many slip systems are activated and grain frag-
mentation is easily promoted in {111}//ND [23]. The texture of {001}<110> and {111}<110>
developed significantly, and the fraction of the high angle boundary increased with the
equivalent strain in an ultra-low carbon steel compression [24]. The {111} orientations were
the first to recrystallize while the α-fiber was present until the end of recrystallization [25].

At present, there have been a large number of studies on warm deformation of carbon
steel. In most previous studies, steel sheets were investigated to obtain blank material
with better plasticity for further cold processing [26], such as drawing or stamping. In
fact, the warm rolling or warm cross wedge rolling (WCWR) of shaft parts and warm
extrusion of auto parts are also widely applied in industry [27–29]. Bulzak [1] suggested
that WCWR consumed less energy to heat the workpiece than hot rolling. In contrast,
Huang [29] proposed that the warm rolling torque was three times that of the hot rolling
torque and, although the heating energy consumption was reduced, the spheroidization of
cementite and the recrystallization of ferrite had remarkable effects on the tensile strength
and yield strength. In addition, most of the experimental materials in previous studies
were heated to complete austenitization then cooled to the ferrite-austenite region and
ferrite region for compression testing [30]. In fact, the material is directly heated to the
forming temperature in the industrial applications. Even if the final temperature is the
same, the microstructure evolution from ferrite to austenite (heating process) is significantly
different to the evolution from austenite to ferrite (cooling process). Thus, an appropriate
forming temperature is provided by warm rolling, especially in heavy deformation, and
determines the energy consumption, formability and microstructure that influences the
mechanical properties of products. Moreover, investigating the temperature sensitivity
of the material, the influence of process parameters on microstructure evolution, and the
homogeneity of plastic deformation, is helpful and essential to optimize the technical
parameters (temperature, strain rate, area reduction, etc.) to accomplish the more effective
forming qualities with fewer resources [31].

In this study of warm deformation, low carbon and low alloy steel (20CrMoA) with
high quenching ability, good machinability, cold strain plasticity, and which is widely used
in shafts and gears [32], was investigated as an experimental material. The evolution of
microstructure and texture during warm deformation under different parameters was stud-
ied. Meanwhile, it is considered that the warm forming process in industrial applications
mostly involves heavy deformation at high strain rate. The microstructure at high strain
rate is thoroughly analyzed to determine the proper deformation temperature and provide
a reference for process application.

2. Material and Experimental Procedure

The chemical composition of the studied low carbon and low alloy structural steel
was 0.2%C, 0.24%Si, 0.52%Mn, 0.92%Cr, 0.16%Mo (in wt%). The initial microstructure
of the low carbon steel was lamellar with alternate formations of ferrite and pearlite.
The cylindrical specimens, with a diameter of 8 mm and a height of 12 mm sampled
from a homogenized bar, were compressed on a Gleeble-3500 thermal simulator. In this
experiment, the deformation temperature was 600, 650, 700, 750, 800 and 850 ◦C. Each
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specimen was heated to the specified deformation temperature at a rate of 10 ◦C/s and
held for 3 min under isothermal conditions for heat balance. The specimen was compressed
along the axial direction (ND) at strain rates of 0.01, 0.1, 1, and 10 s−1 with the deformation
ratio of 70% as shown in Figure 1. The specimens were immediately quenched in water to
maintain the microstructure after compression. After that, the compressed specimens were
sectioned, polished, and etched to obtain the microstructures under different compression
conditions. Micro-textures were examined by electron backscattered diffraction (EBSD),
and microstructures were observed using a scanning electron microscope (SEM). The
percentages of high-angle grain boundaries (HAGBs) with the misorientation angles higher
than 15◦ and low-angle grain boundaries (LAGBs) with the misorientation angles between
2◦ and 15◦ were calculated [33,34].

 

Figure 1. Compression process and the orientations of the specimen.

The EBSD map of initial microstructure was shown in Figure 2. The uniform mi-
crostructure consisting of equiaxed grains can be observed with the average size of the
grains of 10.74 μm. The transformation temperature was calculated by JmatPro software
(Version 7.0, Sente Software Ltd., Guildford, Surrey, UK) based on the chemical composition
of the experimental steel.

 

Figure 2. EBSD map of non-deformed microstructure.

3. Results and Discussion

3.1. Microstructures Evolution

According to the results calculated by JmatPro software, the start equilibrium trans-
formation temperature AC1 and finish equilibrium transformation temperature Ac3 from
ferrite to austenite are determined to be 731.5 ◦C and 824.7 ◦C, respectively. Figure 3 shows
the low magnification SEM images of different deformation conditions. At 700 ◦C and
0.01 s−1, the microstructure of steel comprises pearlite and ferrite, even though the de-
formation time is longer (Figure 3a). At 750 ◦C, apparent transformation occurred and
the steel showed the α + γ double-phase region. In this region, recrystallized ferrite and
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the amount of martensite formed after cooling of austenite were observed as shown in
Figure 3b. In addition, a few FeC3 particles appeared. With the increasing deformation
temperature, the fraction volume of martensite increases, while FeC3 particles were not
observed in the microstructure (Figure 3c). Moreover, the ferrite grains are smaller. In the
case that the deformation temperature exceeds the AC3 temperature, the steel is completely
austenitized (Figure 3d).

 

Figure 3. Low magnification SEM images of (a) 700 ◦C, 0.01 s−1 (b) 750 ◦C, 0.01 s−1 (c) 800 ◦C, 1 s−1

(d) 850 ◦C, 1 s−1.

To distinguish details in the microstructures, higher-magnification SEM images in dif-
ferent deformation conditions are provided in Figure 4. Significant fragments and particles
are observed as a result of the rupture and spheroidization of cementite. At 650 ◦C and
0.1 s−1 as shown in Figure 4a, cementites are dominated by broken fragments, which is
related to the deformation temperature. In the process of warm deformation, the ferrite and
cementite in pearlite can deform co-ordinately at small strain. During heavy deformation,
the co-ordinative deformation state will be broken due to significant differences in the
mechanical properties between ferrite and cementite. The cementite with a poor plastic
property is prone to bending, melting and spheroidization. When heavy deformation
compression is carried out at low temperature, the cementite is fractured under a strong
plastic deformation force, and the fragments are in heterogeneous nucleation. At high
deformation temperature, the lamellar cementite gradually dissolves and shrinks to short
rods, driven by interface energy. Therefore, more pieces of short rod cementite appeared
after the compression at 700 ◦C, as shown in Figure 4b. The main mechanism is that a large
number of dislocations are produced in the ferrite during warm deformation, providing
a channel for the rapid diffusion of carbon atoms. Subsequently, the increase of deforma-
tion temperature further intensifies the diffusion, causing the concentration gradient of
carbon. The lamellar cementites dissolved in the ferrite, under the action of deformation
force and thermal effect. When carbon was supersaturated in ferrite, the fine cementite
particles precipitated.
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Figure 4. High magnification SEM images of (a) 650 ◦C, 0.1 s−1; (b) 700 ◦C, 10 s−1; (c) 750 ◦C, 0.1 s−1;
(d) 750 ◦C, 10 s−1.

As shown in Figure 4c,d, the cementite spheroidized at the boundary between the
recrystallized ferrite grain and martenties. In addition, the spheroidization of cementite
is greatly reduced in the process of deformation at 750 ◦C, whether the strain rate is low
or high. This is related to the phase transformation in the steel, i.e., the ferrite transferred
into austenite at 750 ◦C. In general, austenite nucleates at the interface of ferrite and
cementite. Because a lot of cementites were dissolved by the diffusion of austenite, the
spheroidized cementite particles decrease greatly during the deformation. While the
undissolved cementite particles remain at the junction of ferrite and austenite which is
transformed into martentie after cooling.

3.2. Recrystallization Behavior

The EBSD maps of substructure, recrystallized and deformed grains after deformation
at 600, 650, and 700 ◦C (ferrite region) are shown in Figure 5. The blue regions represent
recrystallized grains, and the red regions indicate that the grains have undergone plastic
deformation and stored distortion energy. The yellow regions refer to the substructures
that were not completely recrystallized, and the energy stored in those regions is lower
than that in the red regions. In the ferrite region, the EBSD maps of the microstructures
were basically the same, and mostly contained deformed grains. Dynamic recrystallization
(DRX) of ferrite did not readily occur and dynamic recovery (DRV) was the main softening
mechanism, due to the high stacking fault energy (SFE) of the BCC structure, which was
susceptible to dislocation climb and cross slip [35]. According to the previous study [36],
the width of extended dislocation is small in high SFE materials, which commonly leads to
the clustered imperfect dislocations. During heat deformation, dislocation climb and cross
slip easily proceeded, resulting in sufficient dynamic recovery. However, the remaining
stored energy is insufficient to facilitate the dynamic recrystallization.
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Figure 5. EBSD maps of recrystallized, substructure, and deformed grains; misorientation angle
distributions (a,c) 600 ◦C, 0.01 s−1 (b,d) 650 ◦C, 0.1 s−1 (e,g) 700 ◦C, 0.1 s−1 (f,h) 700 ◦C, 1 s−1.

The fractions of recrystallized grains, substructure, and deformed grains are shown in
Figure 6a, and the fraction of formed grains exceeds 84% under all deformation conditions.
Therefore, LAGBs dominate in the misorientation angle, accounting for more than 58%
as shown in Figure 5c,d,g,h. The higher proportion of HAGBs can be attributed to the
higher volume fraction of DRX [37]. In addition, a low proportion of HAGBs and recrystal-
lized grains indicates that only partial dynamic recrystallization occurs and the main soft
mechanism is DRV.

There is no significant difference in grain size under different deformation conditions,
with an average grain size of around 3.1 μm. Figure 6b shows the grain size distribution
under different deformation conditions. The proportion of size 0–5 μm exceeds 83%, with
grains in the size of 0–2 μm being around 40%, indicating that grains are refined due to the
local dynamic recrystallization of ferrite.

Figure 7 shows the EBSD maps of recrystallized, substructure, and deformed grains
after deformation at 750, 800, and 850 ◦C. Figure 8a shows the fraction of recrystallized
grains, substructure and deformed grains under different deformation conditions, and
Figure 8b presents the distribution of grain sizes. As shown in Figure 8a, at a strain rate
of 10 s−1, the proportion of recrystallized grain after deformation at 850 ◦C is only 3.73%,
which is much less than 32.08% at 800 ◦C and 5.56% at 650 ◦C with the strain rate of 0.1 s−1.
This phenomenon is mainly attributed to phase transformation. Complete austenitizing
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occurs during deformation at 850 ◦C due to the fact that the deformation temperature
is higher than the AC3 temperature. Consequently, the recrystallized grains at 850 ◦C
are all austenite. However, 850 ◦C is lower than the complete recrystallization temper-
ature of austenite grains, so only a small amount of dynamic recrystallization occurs in
the microstructure.
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Figure 6. (a) The fraction of recrystallized, substructure and deformed grains under different defor-
mation conditions (b) Distribution of grain size under different deformation conditions.

 

Figure 7. EBSD maps of recrystallized, substructure, and deformed grains, and misorientation angle
distributions (a,c) 750 ◦C, 1 s−1; (b,d) 800 ◦C, 1 s−1; (e,g) 800 ◦C, 10 s−1; (f,h) 850 ◦C, 10 s−1.
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Figure 8. (a) The fraction of recrystallized grains, substructure and deformed grains under different
deformation conditions, (b) Distribution of grain size under different deformation conditions.

The volume fraction of recrystallized grain is 32.08% at 800 ◦C and 10 s−1, which
is much higher than 14.77% at 800 ◦C and 1 s−1, but the area fraction of substructure
is apparently low. There are three main reasons for this phenomenon [38,39]: (i) The
deformation time is longer at a low strain rate and the continuous deformation results in
the substructures consisting of entangled dislocations in dynamically recrystallized grains.
(ii) More severe shear deformation at a large strain rate intensifies dynamic recrystallization
to a certain extent. (iii) At large strain rates, most of the deformation heat cannot be
dissipated, and is instead stored as heat energy, leading to the temperature rise of the
specimen. The higher temperature rise due to a larger strain rate is more favorable for
dynamic recrystallization during heavy deformation.

The distributions of misorientation angle and the percentages of HABs reveal the
recrystallization behavior shown in Figure 7c,d,g,h. It is worth noting that the proportion
of HAGBs is close to 90% at 800 ◦C and 1 s−1, even at a lower percentage of recrystallized
grains, indicating that the substructures were not composed of subgrains with LAGBs.
DRV excessively consumed the distortion energy at a higher temperature [35,37], so there
was a high proportion of both substructures and HAGBs.

Figure 8b illustrates the grain size distribution under different deformation conditions.
The proportion of size 0–5 μm also exceeded 82%, In addition, the percentage of grains
with the diameter of 0–2 μm decreased, while that in the diameter of 2–5 μm increased,
compared with the grains’ size in the ferrite region. Low strain rate provides a longer
deformation time, and the recrystallized grains have the opportunity to grow into large
sizes. As a result, the average size of grains at 1 s−1 is larger than that at 10 s−1.

To analyze the dispersion degree of grain distribution, the standard deviation of grain
size under each deformation condition was calculated as shown in Figure 9. It can be
found clearly that the standard deviation of grain size distribution is smaller when the
deformation temperature is higher than 800 ◦C and the minimum value is 1.08 at 800 ◦C
and 1 s−1, indicating that the microstructure with a more uniform grain distribution can be
obtained at 800 ◦C or 850 ◦C.
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Figure 9. Standard deviation of grain size.

3.3. Texture Evolution

Figure 10 shows the main texture components and fibers of BCC steels in the ϕ2 = 45◦
section of the Euler space [40]. Figure 11 shows the orientation maps and micro-texture
after deformation at 650 and 700 ◦C. The grains having blue, red, and green colors are
<111>//ND, <001>//ND, <101>//ND orientation, respectively. Under each deformation
condition, the microstructure was characterized by elongated grains and mainly consisted
of <111>//ND and <001>//ND textures. The intensity of <111>//ND texture is signifi-
cantly higher than <001>//ND texture. Barnett [41] revealed that {111}<112> grains were
nucleated in situ and {111}<110> grains were nucleated at the grain boundaries of deformed
{111}<112> grains during recrystallization. In addition, {112}<110> texture transformed
to {111}<112>, and {001}<110> transformed to {111}<112> or {111}<110>. Thus, the for-
mation of strong {111}<112> and {111}<110> are attributed to nucleation rate and growth
rate [42,43].

As shown in Figure 11, {112}<110> was weak at 650 ◦C and 0.1 s−1 and disappeared
at 700 ◦C and 0.1 s−1, indicating that {112}<110> was completely consumed during the
recrystallization process, even if the recrystallization proportion was very low. With the
increasing temperature or decreasing strain rate, the intensity of <111>//ND texture and
{001}<110> (R-Cube) decreased. Meanwhile, the intensity of {001}<110> (Cube) increased
under conditions favorable for recrystallization, which indicated that the Cube is recrystal-
lized texture.

Figure 12 shows the orientation maps and micro-texture after deformation at 750,
800 and 850 ◦C. The microstructures were mainly characterized by elongated grains at
750 ◦C. After deformation at 800 ◦C and 850 ◦C, the equiaxed grains with an average size
of 3 μm dynamically recrystallized in the dual-phase deformed microstructures. As in
the ferrite region, the texture mainly consisted of <111>//ND and <001>//ND fibers.
However, the intensity of each texture component at 750 ◦C was much stronger than that
above 800 ◦C.

303



Materials 2022, 15, 2702

 

Figure 10. Main texture components and fibers of BCC steels of the Euler space: ϕ2 = 45
◦

section.

 

Figure 11. Grain orientation map of (a) 650 ◦C, 0.1 s−1 (b) 700 ◦C, 0.1 s−1 (c) 700 ◦C, 1 s−1.
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Figure 12. Grain orientation map of (a) 750 ◦C, 1 s−1 (b) 800 ◦C, 1 s−1 (c) 800 ◦C, 10 s−1 (d) 850 ◦C, 10 s−1.

At the fixed strain rate of 1 s−1, the intensity of {111}<110> and {001}<100> at 750 ◦C
was higher than that at 700 ◦C and 800 ◦C. It indicated that a small amount of austenite has a
significant effect on {111}<110> and {001}<100> in the initial stage of phase transformation.

In addition, when the deformation temperature rose from 750 ◦C to 800 ◦C, the
reduction of texture intensity was much larger than that at the same temperature interval
(from 800 ◦C to 850 ◦C) and a larger strain rate of 10 s−1. It is inferred that there was a
critical temperature range between 750 ◦C and 800 ◦C, where the texture intensity decreased
rapidly with the phase transformation due to rising temperature, and the deformation
behavior was more sensitive to the temperature below 800 ◦C. The steel was in the end
stage of phase transformation and austenite was dominant at 800 ◦C where texture type
and intensity variation were similar to austenite, thus the texture intensity was higher than
that at 850 ◦C. It is worth noting that above 800 ◦C the nucleation of <110>//ND oriented
grains increased, leading to the strengthening of <110>//ND texture.
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3.4. Effect of Warm Deformation Parameters on Texture Uniformity

Table 1 shows the percentage of the texture component under different deformation
conditions. When the deformation temperature reached 800 ◦C, the content of <111>//ND
texture and <001>//ND texture decreased greatly, but there is no significant difference
in content between {111}<110> and {111}<112>. Since the stored energy of {111}<112> is
higher than that of {111}<110>, {111}<112> preferentially nucleates in the recrystallization
process [44], and the content of the components is usually higher than that of {111}<110>. In
addition, the transformation rate of {111}<112> oriented grains to {111}<110> orientation is
far greater than that of {111}<110> to others [45]. Due to the higher recrystallization propor-
tion above 800 ◦C, the transformation between {111}<112> and {111}<110> is sufficient, and
the intensity of the two components is equivalent. Thus, the uniformity of γ-fiber texture
is better above 800 ◦C. The percentage of <110>//ND texture increased greatly above
800 ◦C, which shows that the austenite influenced the evolution of <110>//ND texture
during warm deformation. At the strain rate of 10 s−1 and above 800 ◦C, the texture of
λ-fiber has better uniformity.

Table 1. The percentage of the texture component (divergence angle = 20◦).

{111} {111}<110> {111}<112> {001} {001}<110> {001}<100> {110}

Texture, % Component, % Component, % Texture, % Component, % Component, % Texture, %

650 ◦C
0.1 s−1 46.1 24.2 26.3 35.1 15.5 9.17 4.96

700 ◦C
0.1 s−1 48.6 24.6 30.2 36.9 10.9 15 5.21

700 ◦C
1 s−1 58.2 32.4 36.7 34.8 15.6 10.2 1.79

750 ◦C
1 s−1 51.1 33.7 27.7 40.4 13.5 17.1 2.64

750 ◦C
10 s−1 49.2 25.5 31.6 40.9 12.6 18.1 3.77

800 ◦C
1 s−1 29.4 14.5 14.3 26.2 4.7 11 21.4

800 ◦C
10 s−1 37.1 18.3 19 26.5 8.48 8.77 18.4

850 ◦C
10 s−1 31.6 15.4 15.6 16.8 6.58 6.68 31.7

3.5. Kernel Average Misorientation Distribution

Kernel Average Misorientation (KAM) distribution can reflect the degree of deforma-
tion. The blue region possesses the dislocation with the lowest density, while the red region
possesses the dislocation with the highest density [44,46]. The grains with low KAM values
exhibit a uniform strain distribution, and high values indicate a greater degree of plastic
deformation or a higher defect density. From the experience of engineering applications,
warm forming such as warm rolling or warm extrusion is heavy deformation under a large
strain rate. The KAM maps at large strain rates of 1 s−1 and 10 s−1 are shown in Figure 13.
At strain rate of 1 s−1, the dislocation density decreases with the increase of deformation
temperature. The sample after deformation at 800 ◦C has the lowest dislocation density
and most homogenous strain distribution. At a fixed strain rate of 10 s−1, the dislocation
density in the sample deformed at 850 ◦C looks more uniform, but apparently higher than
the others. The sample deformed at 800 ◦C has a lower dislocation density than the sample
with 750 ◦C, which will show relative stable properties in subsequent processing.
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Figure 13. KAM map. (a) 700 ◦C, 1 s−1 (b) 750 ◦C, 1 s−1 (c) 800 ◦C, 1 s−1 (d) 750 ◦C, 10 s>−1;
(e) 800 ◦C, 10 s−1; (f) 850 ◦C, 10 s−1.

4. Conclusions

(1) The spheroidization of cementite is related to deformation temperature. At low
temperature, the broken fragments are dominant, while the cementite spheroidizes
into small particles and short rods at 700 ◦C. In the dual-phase region, the cementite
is dissolved due to the austenitizing, and the spheroidizing particles decrease rapidly.
After deformation at 800 ◦C, equiaxed grains with the size of 3 μm were observed,
which is caused by the dynamic recrystallization of ferrite.

(2) In the ferrite region, the texture mainly consists of <111>//ND, <001>//ND fibers.
With the increasing temperature or/and the decreasing strain rate, the intensity
of {001}<100> (Cube) texture decreases and the {112}<110> texture transforms to
{111}<112> texture.

(3) 800 ◦C is the critical value for temperature sensitivity of warm deformation. At
temperatures below 800 ◦C, the texture mainly consisted of strong γ-fiber and λ-
fiber texture, and the variation of texture strength with deformation temperature is
significant. Above 800 ◦C, the γ-fiber texture shows relatively uniform distribution. The
<110>//ND oriented grains appears, leading to the strengthening of <110>//ND texture.

(4) Equiaxed grains with smaller average grain size and uniform distribution can be
obtained at 800 ◦C. Under a large strain rate, the fraction of KAM values indicating
lower dislocation at 800 ◦C is much higher than at other deformation temperatures.
For this reason, 800 ◦C is a suitable temperature for warm forming applications.
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Abstract: Road transport and the associated fuel consumption plays a primary role in emissions.
Weight reduction is critical to reaching the targeted reduction of 34% in 2025. Weight reduction in
moving parts, such as pistons and brake disc rotors, provide a high-impact route to achieve this goal.
The current study aims to investigate the formability of Al–Si alloys reinforced with different fractions
and different sizes of SiCp to create an efficient and lightweight Al-MMC brake disk. Lanthanum (La)
and cerium (Ce) were added to strengthen the aluminium matrix alloy and to improve the capability
of the Al-MMC brake discs to withstand elevated temperature conditions, such as more extended
braking periods. La and Ce formed intermetallic phases that further strengthened the composite.
The analysis showed the processability and thermal stability of the different material’s combinations:
increased particle sizes and broader size range mixture supported the formation of the SiCp particle
interactions, acting as an internal scaffolding. In conclusion, the additions of Ce and La strengthened
the softer matrix regions and resulted in a doubled compression peak strength of the material without
affecting the formability, as demonstrated by the processing maps.

Keywords: aluminium; metal matrix composite; brake disk; thermal stability; forming; processing map

1. Introduction

The International Energy Agency declared transport responsible for 25% of fuel con-
sumption, and road transport plays a primary role in emissions. By 2025, transport emis-
sions should be reduced by 34% to reach the goal that the global temperature will not
increase by 2 ◦C [1]. Considering the electricity generation and materials production
emissions, the weight reduction in automotive components has an immediate effect on
emissions saving. Weight reduction is critical for moving parts, which have the most sig-
nificant influence on energy consumption, and it could improve the vehicle’s driveability
during acceleration and deceleration [2]. Al-based metal matrix composites (Al-MMCs) are
valid candidates to substitute cast iron in the lightweight automotive application as pistons
and brake discs [3,4].

After an initial interest in the 1990s [5,6], Al-based matrix composites have attracted
attention again in recent years [7–9] due to their high specific modulus and specific strength,
excellent wear resistance, and good stiffness. Typical components, such as pistons and
brake discs, demand high strength even at high temperatures, which is the weak point of
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Al alloys. Several Al-based MMCs with different ceramic reinforcements find extensive
application in the automotive industry, as summarised in Table 1.

Table 1. List of automotive application of Al-based MMCs with different reinforcements.

Matrix Reinforcement Applications References

Al and Al alloys Al2O3 Piston rings, connecting rods [10,11]
Al2O3-Cf Engine blocks [12,13]

MoS2p Drive shafts [14]
B2O3w Piston rings [12,13]
SiCp Brake rotors, pistons, propeller shafts [15]
SiCw Connecting rods [16]
TiCp Pistons, connecting rods [17]

f: fibre; p: particle; w: whisker.

The addition of transition metals [18–20] and rare earth elements [21,22] to the matrix
alloy helps to improve the maximum operating temperature of the composite material. Sev-
eral methods produce metal matrix composites [23], such as powder metallurgy, pressure in-
filtration, spray deposition, and stir casting. The least expensive method is stir-casting, and
the stirring force improves the wettability between the particles and the molten metal [24].
Workability is another critical drawback of Al-based composite materials. The challenge
lies in the difficulty of machining composite materials with high SiCp fractions due to the
hardness of SiC [25]. Yamagata et al. [3] studied a new approach to manufacturing pistons
and concluded that casting and forging offer an efficient route to near-net-shape processing,
saving time, and improving production efficiency.

The Arrhenius equation has been widely used to describe the relationship between
strain rate, flow stress, and temperature. The effects of temperature and strain rate on
the deformation behaviour are represented by the Zener–Hollomon parameter (Z) in an
exponent type equation [26]. Other work on Al-based composites with Zener–Hollomon
includes Hao et al. [27] who studied the 35% SiCp/2024Al metal matrix composites and
indicated that the flow stress behaviour of composite during hot compression deforma-
tion can be represented by a Zener–Hollomon parameter in the hyperbolic sine form.
Lattanzi et al. [20] did research on the relationship between the Z parameter and temper-
atures and strain rates, and it indicated that peak stress at high temperatures and low
strain rates was reduced because of dynamic recovery and recrystallisation, and Z values
decreased. Conversely, the Z values increased at low temperatures and high strain rates,
indicating dislocation generation. This phenomenon led to work hardening and higher
peak stress. Patel et al. [28] studied the AA2014–10 wt.% SiCp composites; the Z parame-
ter described the flow behaviour of the samples. The Z value decreased with increasing
temperature, and it is essentially due to extensive dynamic softening.

The processing maps are an additional tool to analyse the hot compression response
of the material and guide the choice of the hot working parameters as they show safe and
unsafe ranges of temperatures and strain rates to avoid operational regions in which dam-
age occurs. The extreme damage mechanisms were identified as cavity formation at hard
particles in a soft matrix, occurring at low temperatures and high strain rates, and wedge
cracking at grain boundaries, occurring at high temperatures and low strain rates [29].
Several works in the literature defined the processing map for Al-based composites, mainly
Al–Cu systems. Huang et al. [30] investigated the hot deformation of an Al–Cu–Mg alloy
reinforced with 14 vol.% of SiCp. The temperature range was 355–495 ◦C, and the strain rate
range was 0.001–1 s−1. The authors assigned different deformation mechanisms to different
temperature ranges and concluded that temperature had a more significant influence than
strain rate on the material response. Hao et al. [27] investigated the deformation behaviour
of an Al–Cu–Mg alloy reinforced with 35 vol.% of SiCp; according to the processing map
and the micrograph, the authors concluded that the optimal workability temperature and
strain rate were 500 ◦C and 0.1 s−1, respectively. Xiao et al. [31] investigated an Al–Cu
alloy reinforced with 15 vol.% of SiCp produced by powder metallurgy. The highest effi-
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ciency value was at 500 ◦C and 0.001 s−1, a lower value than the results by Hao et al. [27].
Patel et al. [28] investigated the hot deformation behaviour of an Al–Cu system reinforced
with 10 wt.% of SiCp. The authors reported that the failure mechanisms mainly involved
interfacial cracking between particles/matrix and intermetallic/matrix. Decohesion was
severe at low strain rates. Ramanathan et al. [32] studied the workability of an Al–Cu alloy
reinforced with 15 vol.% of SiC particles. They reported that the optimum domain for
dynamic recrystallisation occurred in the temperature and strain rate range of 360–460 ◦C
and 0.1–0.7 s−1. Wedge cracking was observed in the temperature range 460–500 ◦C under
a lower strain rate.

The current research gap is on the role of different fractions and sizes of the reinforce-
ment, and the role played by the matrix alloy in the overall response of the composite
material. In light of this literature analysis, the present study investigates the formability
of Al–Si alloys reinforced with different fractions and different sizes of SiCp. Besides, to
improve the high-temperature performance of the composite, lanthanum (La) and cerium
(Ce) were added to the matrix alloy in one case. Previous works on La and Ce added to Al
alloys demonstrated that, from a sustainability standpoint and business perspective, these
elements support efficient strength, save money, and are environment-friendly [33]. The
processing maps of the materials shed light on their formability and the role played by the
size and fraction of the reinforcement [33].

2. Materials and Methods

This section describes the experimental procedure of the presented work and Figure A1
in Appendix A summarises it in a schematic representation.

2.1. Material Production

Five different SiCp reinforced Al-based composites were produced with different
matrixes and sizes of carbide particles, and the composition is listed in Table 1. An amount
of 20 wt.% of SiCp were added into the matrix, and the materials were processed by a
proprietary stir-casting method to keep porosity at a minimum level. The carbides were
heat-treated at 1000 ◦C for one hour to develop a layer of silicon oxide (SiO2) on the surface
of particles. This treatment enables evenly dispersed SiC particles in the molten material
because the wetting angle between SiO2 and molten Al will be below 68.8 degrees [34]. The
C0 matrix alloy is the base alloy; the C1 alloy was obtained by adding the master alloys
Al–30% Ce, Al–30% La, Al–50% copper (Cu), Al–10% nickel (Ni), and Al–20% manganese
(Mn) to the C0 alloy. The 23 μm, 50 μm, 10 μm and, mix size SiCp were used in this research,
and the dimension is the cut-off limit for the batch of particles. The compositions of the
alloys were measured using direct current plasma emission spectroscopy (DCPMS) (ATI
Wah Chang, Albany, OR, USA). Please note that due to analysis limitations Ce and La could
not be assessed using DCPMS, and Ce and La are given as nominal values. The detailed
information is shown in Table 2. Five different SiCp-reinforced Al-based composites were
produced with different matrixes and sizes of carbide particles, and the composition is
listed in Table 2.

Table 2. Chemical composition [wt.%] of the composite materials and the weight fraction of SiCp.

Matrix
Alloy

Si Cu Ni Fe Mn Ti Mg Ce La Al
Code
Name

SiC Size
[μm]

C0 10 0.2 - 0.1 - 0.1 0.8 - - bal.

C0_23 23
C0_50 50
C0_10 10

C0_mix 23 + 50 + 10 1

C1 10 1.9 1.9 0.1 0.8 0.3 0.8 1 1 bal. C1_23 23
1 Different sizes were added at the same mass ratio in material C0_mix.
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2.2. Metallography

Metallographic observations were performed by Olympus DSX1000 (Olympus Cor-
poration, Shinjuku, Japan) optical microscope (OM). Quantitative image analysis was
performed with ImageJ software (version 1.51j8, National Institutes of Health, Bethesda,
MD, USA) on at least 20 micrographs for each material to evaluate the SiCp fraction. Assum-
ing that the area percentage of SiCp in the image is equal to the volume percentage, then the
weight percentage of SiCp in the matrix could be calculated by the volume percentage value.
The ImageJ software was used for quantitative image analysis of SiC particles. The centre
of mass of the SiC particles were then used as input data to calculate the first-, second-,
and third-nearest neighbour distances (1NND, 2NND, and 3NND) using the MATLAB
function ‘knnsearch’. A schematic representation of the ‘knnsearch’ function is depicted in
Figure A2.

2.3. Mechanical Testing

Thermal compression tests were used to review the formability of composite materials
in this research. Compression tests were carried out with a Zwick Roell Z100 (Zwick Roell,
Ulm, Germany) testing unit at different strain rates: 0.001/s, 0.01/s, 0.1/s, and 1/s; and
different temperatures: 25 ◦C, 350 ◦C, 420 ◦C, 470 ◦C. The current maximum operating
temperature is 420 ◦C and the aim is to increase it to 470 ◦C. For this reason, the 350–470 ◦C
temperature range was selected. The room temperature data are used as a reference for
comparison. Before each test, the sample was heated for 10 min at the desired temperature.
A compliance curve was registered to consider the stiffness of the machine in data analysis.
The compliance curve was fitted with a linear function, and the related strain was removed
from the curves.

3. Results

3.1. Microstructural Analysis

Figure 1 shows the microstructure of the five materials. The weight fraction of SiCp is
listed in Table 2. The targeted quantity of 20 wt.% of particles was added to all the materials,
but the transfer efficiency was not constant and resulted in different incorporated fractions
depending on the size of the particles.

For the C0 matrix alloy, the transfer efficiency varied with the size of the SiC particles
and the actual fractions were: 14% in the material C0_23 with 23 μm sized particles
(Figure 1a), 19% for the 50 μm sized particles in material C0_50 (Figure 1b), only 4% in the
material C0_10 with 10 μm sized particles (Figure 1c), and 10% for the mixture of 10, 23, and
50 μm sized particles, added at the same mass ratio, in the material C0_mix (Figure 1d). The
material C1_23 also resulted in 14% of the 23 μm sized particles (Figure 1e). These results
suggest that the particle size is the dominant parameter for transfer efficiency, almost 100%
for the largest size of 50 μm and decreased to 20% for the smallest size of 10 μm.

Figure 1a shows the material reinforced with 23 μm sized SiCp, the phases are primary
α-Al, and the binary Al–Si eutectic; the dispersion of SiCp particles is uniform, with almost
no clusters observed. Figure 1b shows the material reinforced with 50 μm sized particles,
the largest size in all materials, and Figure 1c shows the material reinforced with 10 μm
sized particles. Due to the small size of the particles, a significant number of clusters were
observed, and homogenous dispersion of particles was not achieved. This is visible in the
significant standard deviation of the higher-order measures 2NND and 3NND listed in
Table 3. Several particle-free areas confirm that the transfer efficiency was lower than other
materials. Figure 1d shows the material reinforced with the mixed-sizes particles. The
dispersion is better than in Figure 1c, and the addition of 50 μm size particles was limited,
while most of the particles were 23 μm and 10 μm sized. There are several small clusters
made of mixed-size SiC particles.
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Figure 1. Micrographs: (a) material C0_23; (b) material C0_50; (c) material C0_10; (d) material
C0_mix; (e) material C1_23.
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Table 3. Results of the quantitative image analysis performed using the ImageJ and MATLAB
software. SD = standard deviation.

Material
SiC Fraction ± SD

[wt.%]
SiC Size ± SD

[μm]
1NND ± SD

[μm]
2NND ± SD

[μm]
3NND ± SD

[μm]

C0_23 14 ± 2.7% 14 ± 0.9 14 ± 0.7 19 ± 1.1 24 ± 1.5
C0_50 19 ± 2.1% 32 ± 1.4 30 ± 2.5 41 ± 3.1 52 ± 3.3
C1_23 14 ± 1.9% 15 ± 1.1 16 ± 0.8 22 ± 1.2 28 ± 1.6
C0_10 4 ± 1.6% 12 ± 1.8 19 ± 4.7 32 ± 14.8 41 ± 17.1

C0_mix 12 ± 3.3% 19 ± 1.5 18 ± 1.8 26 ± 2.7 33 ± 3.6

Figure 1e shows the 23 μm size SiCp reinforced Al matrix composite with RE addition.
The particle dispersion was uniform, and the addition of La and Ce to the matrix alloy did
not change the transfer efficiency of SiC particles; hence the SiC fraction of the C0_23 and
C1_23 alloy was similar. The generation of new phases in the C1_23 material, previously
identified as -Al15(Fe,Mn)3Si2, Al20(La,Ce)3Ti2 and Al11(La,Ce)3 [22], did not alter particle
addition and distribution.

3.2. Mechanical Testing

Flow stress is described as a function of composition SiCp addition, temperature,
strain, and strain rate. The true stress–true strain plots are given in Figure 2.

 

Figure 2. Compression curves: (a) material C0_23, the effect of the temperature at same strain rate;
(b) material C0_23, the effect of strain rate at the same temperature; (c) constant temperature and
strain rate, the effect of varying fraction; (d) materials C0_23 and C1_23 at constant strain rate,
comparison at two temperatures.
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Figure 2a shows the temperature effect on the flow stress of material C0_23. The
stress decreased as the compression temperature increased. The peak flow stress at room
temperature reached a value of 426 MPa and was more than three times higher than the
350 ◦C peak stress value of 121 MPa. The 470 ◦C peak stress value of only 37 Mpa suggests
that the softening mechanism is more powerful than the work-hardening mechanism at
room temperature.

Figure 2b shows the strain rate effect on the flow stress of the C0_23 material at 420 ◦C
and different strain rates. With the increase in strain rate, the peak flow stress of the curve
increased. At the strain rates of 0.01 s−1, 0.1 s−1 and 1 s−1, the flow curve appeared smooth,
while at the strain rate of 0.001 s−1, the curve appeared corrugated due to internal friction
in the materials.

Figure 2c shows the true stress–true strain curve with different particle sizes and
weight fractions at a constant temperature of 350 ◦C and a strain rate of 0.1 s−1 and C0
matrix. The peak value is at the range of 117–128 MPa, and the weight fraction is at the
range of 4–19%. Even though the material C0_50 possesses 19 wt.% SiCp particle addition
and 50 μm size particles reinforced, the peak stress is only 3 MPa higher than the C0_mix
material. The lowest peak stress curve is the material C0_10, which displayed a peak stress
of 117 MPa, 5 MPa lower than the material C0_23 and 11 MPa lower than the material
C0_50. This result indicates that weight percentage and particle size slightly influence the
flow stress during deformation.

Figure 2d shows the true stress–true strain curve of materials C0_23 and C1_23 at
temperatures 420 ◦C and 470 ◦C. The materials C0_23 and C1_23 have the same particle
volume fraction, 14 wt.% and the same particle size, 23 μm. At the temperature of 420 ◦C,
the peak stress values of materials C1_23 and C0_23 were 90 MPa and 49 MPa, respectively.
The peak stress value of material C1_23 at 470 ◦C is slightly higher than the material
C0_23 at 420 ◦C. The difference between material C0_23 and material C1_23 is shown in
Table 1. The addition of RE and transition elements almost doubled the strength compared
to the C0_23 material. Figure 2d clarifies that the matrix alloy was more critical than
the particle size and particle weight fraction on the effect of SiCp reinforced composite
material deformation.

3.3. Zener−Hollomon Analysis

Equation (1) collects the constitutive equations used to calculate the material constants
in the softening segment after peak stress:

.
ε =

⎧⎨
⎩

A·σn1·e−QA/RT ασ < 0.8
A·eβσ·e−QA/RT ασ > 1.2
A·[sinh(ασ)]n2·e−QA/RT for all σ

(1)

Here n1, n2, α = β/n1 [1/MPa], β [1/MPa], and A [1/s] are material constants
independent of temperature. α was described by Jonas et al. [35] as the reciprocal stress at
which the strain rate changes from power to exponential dependence on stress. σ [MPa] is
the flow stress,

.
ε [1/s] is the strain rate, and R = 8.314 J/K·mol is the universal gas constant.

QA [kJ/mol] is the activation energy of deformation and comes from Equation (2):

QA = R·
[

∂ln
.
ε

∂ ln[sinh(ασ)]

]
T
·
[

∂ ln[sinh(ασ)]
∂(1/T)

]
.
ε

(2)

In simpler words, the activation energy indicates the energy barriers to plastic defor-
mation during the hot deformation of metallic materials. If flow stress increases with the
increasing QA value at the same deformation temperature and strain rate, it is suggested
that the materials with lower QA value can be deformed more easily with a lower force. Fig-
ure 3 depicts the graphical solution of the Zener−Hollomon model in Equations (1) and (2).
The parameter n1 is the slope in the graph ln

.
ε v. σ (Figure 3a), and the parameter β is the

slope in the graph ln
.
ε v. lnσ (Figure 3b). The parameter n2 is the slope in the graph ln

.
ε v.
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ln[sinh(ασ)] in Figure 3c and corresponds to the first term in Equation (2). The second term
in Equation (2) is the slope in the graph ln[sinh(ασ)] v. 1000/T, in Figure 3d.

Figure 3. Graphical solutions for the Zener−Hollomon model: (a) the parameter n1 is the slope in
the graph ln

.
ε v. σ; (b) the parameter β is the slope in the graph ln

.
ε v. lnσ; (c) the parameter n2 is the

slope in the graph ln
.
ε v. ln[sinh(ασ)]; (d) the second term in Equation (3) is the slope in the graph

ln[sinh(ασ)] v. 1000/T.

The material constants A and n2 were determined from the ln(Z) v. ln[sinh(ασ)]
plot. Table 4 lists the material constants and the activation energy calculated for the
investigated materials. The activation energy for the hot deformation of composite ranges
301–584 kJ/mol, which is higher than the bulk self-diffusion of pure Al 142 kJ/mol.

Table 4. Material constants and activation energy of the hot compressed composites, evaluated from
the constitutive relations in Equation (2).

Material n1 β [1/MPa] α [1/MPa] QA [kJ/mol] n2

C0_23 10.9 0.158 0.0145 365 7.63
C0_50 12.2 0.224 0.0184 498 8.45
C1_23 11.8 0.126 0.0107 452 8.10
C0_10 8.62 0.146 0.0170 301 6.00

C0_mix 13.6 0.254 0.0187 584 9.07
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The Origin software was used to model the relationship between the activation energy
QA (kJ/mol), the RE addition to the matrix alloy, and the SiC particles’ microstructural
parameters. The multiple linear regression resulted in Equations (3) and (4):

Y = 395 × fSiC + 6 × dSiC + 1871 × [RE wt.%] + 265, R2 = 0.38 (3)

Y = 23 × dSiC + 1166 × [RE wt.%]− 21 × 1NND + 420, R2 = 0.619 (4)

where Y is the activation energy QA [kJ/mol], f_SiC represents the SiCp fraction, d_SiC
represents the average Feret diameter [μm] of the carbides, [RE wt.%] is the RE content in
the matrix alloy, 1NND [μm] is the first-nearest neighbour distance between SiC particles.
These results suggest that particle size and the interparticle spacings are better factors than
the fractions of particles added, as indicated by the R2-factor.

The particle fraction, particle size, and nearest neighbour distance are independent
parameters, depending on each other. Equation (3) uses the SiCp fraction (f_SiC), SiCp
particle size (d_SiC), and RE addition ([RE wt.%]). The parameters in Equation (3) show
that an increase in any of the factors causes an increase in the activation energy. The value
R2 = 0.38 illustrated that the fit is poor and does not describe the effect well. In Equation (4),
the SiCp fraction was replaced by the nearest neighbour distance (1NND). An increasing
1NND represents a reduced clustering behaviour of the particles to some extent. Replacing
the fraction SiCp with the 1NND increased the fit value to R2 = 0.62. The fact that R2

increased suggests that it is not the mass fraction of particles that matters but rather their
arrangement. The main conclusion is that bringing particles closer, increasing their size,
and adding RE to form intermetallic phases to lock the matrix from moving increase the
activation energy and stabilise the materials at elevated temperatures.

3.4. Processing Maps

The processing map consists of the superimposed map of power dissipation and an
instability map. These are developed based on the Dynamic Materials Model [36]. The
objective is to manufacture components with controlled microstructure and properties
without macro or microstructure defects. Power dissipation is the percentage of energy
converted into thermal and microstructure change. The factor that partitions power into
these two forms is the strain rate sensitivity exponent. The strain rate sensitivity exponent,
m value, was estimated from Equation (5). The processing map consists of the superim-
posed map of power dissipation and an instability map. These are developed based on the
Dynamic Materials Model [36]. The objective is to manufacture components with controlled
microstructure and properties without macro or microstructure defects. Power dissipation
is the percentage of energy converted into thermal and microstructure change. The factor
that partitions power into these two forms is the strain rate sensitivity exponent. The strain
rate sensitivity exponent, m value, was estimated from Equation (5):

m =
∂(ln(σ))
∂(ln

( .
ε
)
)

∣∣∣∣∣
ε

(5)

where m denotes the strain rate sensitivity of the flow stress at a constant strain of ε. A di-
mensionless parameter called efficiency of power dissipation η was defined in Equation (6):

η =
2m

m + 1
(6)

A dimensionless parameter called instability criterion ξ is used to obtain the instability
map, and it was defined according to Equation (7):

ξ
( .
ε
)
=

∂ ln
( m

m+1
)

∂ ln
.
ε

+ m > 0 (7)
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Figure 4a–e show the processing map of all five materials. The contour numbers
represent power dissipation efficiency, and the shaded domains indicate the regions of flow
instability, with ξ < 0. The purpose of the hot-processing map is to guide the choice of
the metal-forming parameters to avoid macro and microstructural defects in a repeatable
manufacturing environment [29].

Figure 4. Cont.
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Figure 4. Cont.
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Figure 4. Processing maps of the investigated materials at different strain levels and related compres-
sion curves at 420 ◦C and different strain rates: (a) material C0_23; (b) material C0_50; (c) material
C1_23; (d) material C0_10; (e) material C0_mix.

The material C0_23 represents a baseline in this study as the standard 23 μm size SiCp
reinforced composite without RE-additions. The processing map for the material C0_23
is shown in Figure 4a, where the contour numbers represent power dissipation efficiency,
and the shaded domains represent the regions of flow instability. The processing map at
different strain levels is shown together with the associated stress–strain curves at some
preselected levels of strains from the strain at peak stress up to a strain of 0.5. During the
whole process, the processing map could guide the choice of the hot working parameters
for the composites. At the peak strain processing map, the highest power dissipation
efficiency value is 0.25, and the stable region separates two regions of instability. Instability
is generated by a lower temperature or high temperature and high strain rates. Increasing
the strain in the materials closes that gap between the instability regions, forcing the stable
region towards lower strain rates and higher temperatures. At strains equal to 0.3 and
above, the process map appears to stop changing and stabilise, and the highest efficiency
is 0.23. This behaviour approximately coincides with reaching a planar portion of the
stress–strain curves, where there is a weak tendency towards softening after the peak stress
(Figure 4a).

The material C0_50 is similar to the material C0_23 but has an increased SiCp particle
size. Figure 4b), where there is a large and dominant unstable region and efficient defor-
mation is only possible at low strain rates, or high strain rates and high temperature. The
processing maps appear to stabilise already at strain above 0.2. It should be noted that
there is a tendency to tolerate higher strain rates at the highest temperatures. A broad zone
also allows deformation at an energy dissipation efficiency above 0.21.

In Figure 4c, the effect of RE elements in the material C1_23 shows similarities to both
material C0_23 and C0_50. Firstly, there is a separation between the two unstable regions at
peak strain. These two regions join, and just as in the material C0_23, the pattern stabilises
the stable deformation is pushed towards lower strain rates. It should be noted that the
peak stress is significantly higher than for both material C0_23 and C0_50 and is followed
by a significant softening. The SiCp particles do not deform during the deformation process,
and the matrix material absorbs all deformation. The RE-additions significantly increase
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the strength of the matrix, as seen in the peak strength in Figure 2d. The difference to the
C0_50 material that would have a softer matrix is that at the highest temperature, the stable
region is pushed further down towards low strain rates and that the energy dissipation
goes above 0.25 compared to 0.21 for the C0_50 material. This outcome suggests increased
formability at the highest temperatures.

The material C0_10 has a soft matrix with a lower fraction of smaller SiCp particles
that seemed more clustered. As expected, the peak stress is lower, and the processing map
is similar to the C0_23 material (Figure 4a,d). The processing map for the material C0_10
shows a relatively wide gap between the unstable regions. The degree of softening after
the peak strength exists but it is weak, just as for the material C0_23. The change in the
processing maps is similar, and the two instability regions join and forces the stable regions
towards lower strain rates at strains from 0.3 and up. There is no significant breakdown
at the maximum strain investigated. The low fraction and small size of the SiCp particles
suggest that the matrix deformation dominates this type of processing map.

The material C0_mix is a mixture of large and small SiCp particles targeted to better
lock the movement of the material flow, and Figure 4e shows a similar effect to the one
seen with the RE-addition in Figure 4c. The two instability regions are joined at peak
stress but separated at 0.1 to join again at 0.2. Strains from 0.2 and up appear to be stable,
coinciding with a steady-state behaviour in the stress–strain curve. It should also be noted
that for all the materials with the C0 matrix base materials (Figure 4a,d,e), except for
C0_50 (Figure 4b), the stable regions tolerate a higher strain rate at temperatures around
420–440 ◦C. Strengthening the matrix with RE-addition shows the same behaviour, but the
stable region was forced to lower strain rates.

4. Discussion

4.1. Strengthening Mechanisms

In Al-based composite materials, the strengthening can be classified as (i) load bearing,
(ii) Hall–Petch mechanism, (iii) Orowan strengthening, and (iv) the modulus mismatch [37].
In Al-based composite materials, the strengthening can be classified as (i) load bearing,
(ii) Hall–Petch mechanism, (iii) Orowan strengthening, and (iv) the modulus mismatch [37].
In the present study, the load bearing and the modulus mismatch significantly improve
composite strength. The SiC particles used in this research are micro-scales, and only
the nano-scale particles contribute to the Orowan strengthening. Figure 1 shows that the
secondary dendrite arm spacing does not change significantly, so the Hall–Petch mechanism
does not vary significantly and may be lumped into the σ0-term, Equation (8). Equation (8)
shows the relation used to calculate the total flow stress with the different strengthening
contributions listed in Table 5:

σtot = σ0 + ΔσLB + ΔσMM + Δσos (8)

Table 5. Equations used for the contribution of the different strengthening mechanisms.

Strengthening Mechanism Relation Values

Matrix alloy Equation (9) CMM = 1.47 MPa·√m [21]
Load bearing [37] Equation (10)

Modulus mismatch [37] Equation (11) CMM = 1.47 MPa·√m [21]

Orowan [38] Equation (12) G = 41 GPa [22]
b = 0.286 nm

Equation (9) was used to calculate the material C0 matrix strength σ0 without the
reinforcing SiC particles. Equation (10) describes the contribution from load bearing,
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and Equation (11) describes the strengthening contribution from the modulus mismatch
effect [37]. Equation (12) describes the contribution of the Orowan strengthening [38].

σ0 =

(
σC0_10 − CMM ×

√
fSiC
dSiC

)
(1 + 0.5 × fSiC)

(9)

σ0 =

(
σC0_10 − CMM ×

√
fSiC
dSiC

)
(1 + 0.5 × fSiC)

(10)

ΔσMM ≈ CMM ×
(√

fSiC

dSiC
× ε+

√
fint

dint
× ε

)
(11)

ΔσOS =

(
0.538 × G × b ×√

fθ

dθ

)
× ln

(
dθ

2 × b

)
(12)

In Table 5, G is the shear modulus [GPa], b is Burger’s vector, d [m] is the actual
diameter of the precipitates, f_SiC and f_int are the volume fractions of SiC particles and
intermetallic phases, d_SiC and d_int are the characteristic dimension of the particles and
σ0 [MPa] is the strength of the matrix alloy. The results of materials C0_50 and C1_23 are
representative and presented in Figure 5a. The average error value between the experi-
mental data and the calculated data in the material C0_50 is 7.65%, considered acceptable.
Whereas the error value in the material C1_23 is large enough for reconsideration.

Figure 5. Cont.
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Figure 5. (a) The comparison between experimental data and calculated values with ΔσLB and ΔσMM

for materials C0_50 and C1_23; (b) fitted Feret diameter dθ of θ-Al2Cu particles and the resulting
Orowan strength contribution ΔσOS.

The Thermo-Calc software was used to calculate the volume fraction of precipitates
formed in the material C1_23 at test temperature, θ-Al2Cu phases were predicted. The
peak fraction of θ-Al2Cu was predicted to be 1.08% at 170 ◦C. This value was used to
calibrate the Orowan contribution at 350 ◦C at

.
ε = 1/s. The Orowan contribution at all other

conditions was expressed as a function of particle size only. Figure 5b shows that the Feret
diameter of θ-Al2Cu particle tends towards smaller sizes, as the deformation temperature
increases, and test duration increases (i.e., reduced strain rate). Equation (12) was used in
the material C1_23 to calculate strength contribution from precipitated θ-Al2Cu phases.
The Orowan strengthening was fitted to match the gap between experimental data and
calculated data for the material C1_23. The comparison of experimental data and calculated
data confirmed that in the C0 matrix alloys, the strengthening mechanism was load bearing
and modulus mismatch. In the C1_23 material, in addition to the above strengthening
mechanisms, the Orowan strengthening should be included. The numerical results are
presented in Tables A1 and A2, Appendix B.

4.2. The Activation Energy

Equations (3) and (4) illustrate the relationship between the activation energy QA
(kJ/mol), the RE addition ([RE wt.%]), and the main microstructural features of the SiC
particles: the fraction (f_SiC), the average size (d_SiC), and the first-nearest neighbour
distance (1NND). Figure 5 illustrates that the SiCp fraction on the x-axis is not sufficient
to describe the evolution of the activation energy: the maximum value of QA does not
correspond to the highest fraction of SiCp. The SiCp size and level of clustering determine
the characteristic interaction distance to activate the material flow.

The Stoke–Einstein Equation (13) relates diffusion to viscosity [39,40]:

D =
kT

6πr × μ
(13)
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where D [m2/s] is the diffusion coefficient, k = 1.381 × 10−23 J/K is the Boltzmann’s
constant, T [K] is the temperature, r [m] is the radius of the particle, and μ [Pa*s] is
the viscosity. Inserting the Arrhenius equations for D and μ in Equation (13) results in
Equation (14):

D0 exp
(
−QD

RT

)
=

kT

6πr × μ0 exp
(
−QA

RT

) (14)

where QD [J/mol] is the activation energy for self-diffusion and QA [J/mol] is the activation
energy for the material flow. D0 = 3.5 × 10−6 m2/s for aluminium. Rearranging and
applying the natural logarithm results in Equation (15):

QD + QA
RT

= ln
(

6πr × μ0D0

kT

)
(15)

Taking the ratio between two materials i and j and assuming a value for μ0, it is
possible to solve for r_i in Equation (16) with the constant C in Equation (17) under the
assumption of an initial size r_j:

ri = exp

((
ln
(
rj
)
+ C
) (QD + QA)i
(QD + QA)j

− C

)
(16)

C = ln
(

6π× μ0D0

kT

)
(17)

In the C0_10 material, characterised by the smallest SiC size, the presence of clustering
(Figure 1d) and the lowest SiC fraction, the characteristic size was assumed in the order of
the atomic radius, 1.43 × 10−10 m or 1.43 Å, because the material flow mainly involved the
matrix alloy. This material was taken as the reference one (material j in Equation (16)) for
the other materials having higher SiC fractions, larger SiC sizes, and less frequent clustering.
The μ0 value in Equation (16) was assumed, as in Equation (18), based on the von Mises
flow stress criterion:

μ0 =
σ470 ◦C√
3 × .

εmax
=

38270000 Pa√
3 × 1 s−1

= 2.210 Pa × s (18)

In the C0_23 material, the characteristic interaction distance increased to 10 nanometres
and even more to 100 microns for the C0_50 material. This outcome aligns with the
increasing SiC fraction and size through materials C0_23 and C0_50 in Figure 6. The
interaction changes from the atomic level to the level of the secondary phase and finally to
the SiC particles’ order of magnitude.

The size mixture in the C0_mix material led to a complex interconnection between
particles with different sizes and more frequent clustering events. This outcome determines
the characteristic distance in the order of 1 cm to activate the material flow, which is the
dimension of the sample. The entire structure is involved in the deformation, and thus
the energy required to activate the material flow is 20 to 90% higher than the materials
reinforced with one-sized SiC particles.

The role of RE-based phases can be observed by comparing the materials C0_23
and C1_23. The presence of Al11(Ce,La)3 and Al20(Ce,La)Ti2 phases and the Al matrix
strengthened by Cu in solid solution constitute an additional obstacle to hot deformation,
and this contributes to higher values of activation energy compared to the C0_23 material
having the same fraction and size of SiC particles. The entity to be moved in the C1_23
material is in the micrometre range, two orders larger than the one in the C0_23 material.

The interaction distance affects the activation energy and not the SiCp fraction itself,
and this result agrees with Equations (3) and (4) results with an improved R2-value for size
and distance and not for fraction SiCp.
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Figure 6. Relation between the activation energy QA, the SiCp fraction and the interaction distance.
The size of the bubble is proportional to the QA value.

4.3. The Processing Maps

The processing maps provided the forming parameters to avoid defects during de-
formation. According to the processing maps, at strains above 0.3, the stable and unstable
regions tended to stabilise and did not change significantly with additional straining. The
highest dissipation efficiency values and the stable region were located at low strain rates,
in the range 0.01–0.001/s. Below a strain of 0.3, the highest dissipation efficiency values
and the stable region resulted in a high temperature range, 380–470 ◦C and 0.001/s strain
rate. The previous studies on processing maps of Al-based composites did not compare the
result at different strain levels. Hao et al. [27] investigated an Al-Cu/SiCp35 material and
reported the processing map at the strain of 0.5, and it had a wide safe region, from 350
to 500 ◦C and 0.1–10/s strain rates. This result is very different from what was observed
in the present study for the different materials: low strain rates, in the range 0.001–0.01/s,
facilitate a stable forming operation of the composites. A similar result was reported by
Xiao et al. [31], who investigated an Al-Cu/SiCp15 composite. Going from 0.3 to 0.5 strain,
the unstable area expanded in the 1–10/s strain rate range at all temperatures. A com-
parison with the results from Huang et al. [30] and Ramanathan et al. [32] is not directly
possible because the authors used the decimal logarithm of the strain rate instead of the
natural logarithm to build the processing maps.

The processing map of the material C1_23 shows the safe region during whole strain
located at a narrow area in the temperature range 420–470 ◦C and at 0.001 strain rate. This
feature highlights that the RE addition limited the forming performance. The formation
of stable phases and the reduced interaction distance of particles increased the activation
energy and the difficulty of formability; this phenomenon locked the soft matrix, hindering
the deformation of the material. On the other hand, the addition of La and Ce to the
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matrix alloy determines a doubled peak stress, and this is due to the presence of hard
phases dispersed in the matrix. As previously reported [21,22], the Al11(Ce,La)3 and
Al20(Ce,La)Ti2 phases strengthen the matrix alloy significantly, giving 15% higher elastic
modulus and 55% higher strength at 300 ◦C. The material can be considered a two-level
composite: both the (La,Ce)-based phases and the SiC particles act as reinforcement. A
similar phenomenon occurs also in the C0_mix material. The large-sized and the small-
sized particles size combined in an inter-locking structure that hindered the flow of the soft
matrix and thus increased activation energy. This behaviour resulted in a limited stable
domain, at 440–470 ◦C and a strain rate of 0.01–0.001/s.

5. Conclusions

The present study focuses on the effect of the addition of RE and different sizes
and amounts of SiC particles on activation energy, processing map, and strengthening
mechanism. Thermal compression tests were used to review the formability of composite
materials and combined with microstructural analysis.

The dominant contribution to peak strength was the soft alloy matrix. The addition
of RE and transition elements significantly impacted the peak strength through an in-
teraction between the SiC particle and the RE-containing intermetallic compounds. The
main reinforcing effects in the C0 materials were the load bearing and modulus mismatch
strengthening, while the Orowan strengthening also played an essential role in the C1
composite due to the Cu addition. The safe-forming region in the RE-added composite was
stable from peak stress to 0.5 strain in the temperature range 420–470 ◦C and at 0.001/s
strain rate. The power dissipation was 0.23–0.28. For the C0 materials, the processing
map tended to stabilise after 0.2 strain, with no further changes in the stable and unstable
regions. The particle–particle interaction distance plays a central role in thermal stability.
The diffusion–viscosity simile revealed that the scale of particle–particle interaction dis-
tance impacted the thermal stability. The impact revealed itself as a difference between
activation energies, from the one of self-diffusion to the Zener–Hollomon one assessed from
the visco–plastic deformation. The SiC particle size, the presence of thermal stable phases,
and the SiC particle distance—all these parameters influence the interaction distance.

The use of Al-MMCs brake discs is one way to tackle emissions reduction, both weight-
related and material-related emissions. Awe [8] highlighted that the automotive vehicle
exhaust emissions reduced drastically from 2000 to 2014. The Al–Si/SiCp composite brake
disk reduces exhaust emissions by being 50% lighter than the cast iron equivalent, and it
also has higher wear resistance, uniform friction, light weight, and reduced light distance
braking ability.
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Nomenclature

Letters and acronyms
A [1/s] material constant in the Zener–Hollomon model
b [m] Burger’s vector
D [m2/s] diffusion coefficient
d [m] diameter
k = 1.381 × 10−23 J/K Boltzmann’s constant
f fraction
G [GPa] shear modulus
m strain rate sensitivity exponent
n1 material constant in the Zener–Hollomon model
n2 material constant in the Zener–Hollomon model
QA [kJ/mol] activation energy of plastic deformation
QD [kJ/mol] activation energy of self-diffusion
r [m] radius
R = 8.314 J/K·mol the universal gas constant
T [K] temperature
Greek letters
α = β/n1 [1/MPa] material constant in the Zener–Hollomon model
β [1/MPa] material constant in the Zener–Hollomon model
ε strain
.
ε [1/s] strain rate
η the efficiency of power dissipation
μ [Pa*s] dynamic viscosity
ξ instability criterion
σ [MPa] stress
Δσ strengthening contribution
Subscripts
0 reference material
f fibres
i, j two arbitrary materials
int intermetallic
θ Al2Cu phase
LB load bearing
MM modulus mismatch
OS Orowan strengthening
p particles
SiC silicon carbide
w whiskers

Appendix A. Experimental Procedure

The appendix collects schematic representations of the experimental procedure (Figure A1)
and the ‘knnsearch’ Matlab function (Figure A2).
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Figure A1. Schematic description of the experimental procedure described in Section 2.

Figure A2. Description of the ‘knnsearch’ Matlab function used to evaluate the third nearest-
neighbour (NN) distance.

Appendix B. Strengthening Mechanisms

The results of material C0_50 and C1_23, depicted in Figure 5a, are representative and
listed in Table A1.

Table A1. The comparison between experimental data and calculated values with ΔσLB and ΔσMM.

Strength [MPa]
.
ε [1/s] 1 0.1 0.01 0.001

Material Temperature [◦C] Exp. Calc. Exp. Calc. Exp. Calc. Exp. Calc.

C0_50
350 133 151 127 127 113 110 87 88
420 73 83 64 72 52 58 40 39
470 45 47 37 45 32 30 23 26

C1_23
350 200 169 204 142 176 125 146 105
420 122 94 106 87 91 78 69 57
470 76 63 61 58 51 50 31 41

Table A2 shows the numerical data depicted in Figure 5b. Equation (12) was used in
material C1_23 to calculate strength contribution from precipitated θ-Al2Cu phases.
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Table A2. Fitted Feret diameter of θ-Al2Cu particles and the resulting Orowan strength contribu-
tion ΔσOS.

.
ε [1/s] 1 0.1 0.01 0.001

dθ [m]
ΔσOS

[MPa]
dθ [m]

ΔσOS

[MPa]
dθ [m]

ΔσOS

[MPa]
dθ [m]

ΔσOS

[MPa]

350 ◦C 1.5 × 10−7 31.26 4.1 × 10−7 61.32 3.1 × 10−7 50.81 2.2 × 10−7 40.40
420 ◦C 1.3 × 10−7 28.18 7.6 × 10−8 19.38 4.4 × 10−8 13.14 3.8 × 10−8 11.67
470 ◦C 4.3 × 10−8 12.90 6.9 × 10−9 2.96 1.5 × 10−9 0.54 5.7 × 10−10 0.00
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Abstract: The binary as-cast Al–Cu alloys Al-5%Cu, Al-25%Cu, and Al-33%Cu (in wt %), composed of
the intermetallic θ-Al2Cu and α-Al phases, were prepared from pure components and were
subsequently severely plastically deformed by extrusion combined with reversible torsion (KoBo)
to refinement of α-Al and Al2Cu phases. The extrusion combined with reversible torsion was
carried out using extrusion coefficients of λ = 30 and λ = 98. KoBo applied to the Al–Cu alloys
with different initial structures (differences in fraction and phase size) allowed us to obtain for
alloys (Al-25%Cu and Al-33%Cu), with higher value of intermetallic phase, large elongations in the
range of 830–1100% after tensile tests at the temperature of 400 ◦C with the strain rate of 10−4 s−1.
The value of elongation depended on extrusion coefficient and increase, with λ increasing as a
result of α-Al and Al2Cu phase refinement to about 200–400 nm. Deformation at the temperature of
300 ◦C, independently of the extrusion coefficient (λ), did not ensure superplastic properties of the
analyzed alloys. A microstructural study showed that the mechanism of grain boundary sliding was
responsible for superplastic deformation.

Keywords: KoBo extrusion; mechanical properties; Al–Cu alloys; microstructure and superplastic deformation

1. Introduction

Superplasticity is a diffusion-controlled process that refers to the ability of a metallic material to
demonstrate elongation by more than several hundred percent without visible necking under tensile
tests at relatively high temperature (0.5–0.7) Tm (where Tm is the absolute melting temperature) and
low strain rate [1–3]. Superplastic deformation is mainly controlled by three mechanisms that operate
during high temperature deformation: grain boundary sliding, dislocation slip/creep, and diffusion
creep or directional diffusion flow [2,4]. From this, superplastic deformation may be accompanied by
various processes, for instance, grain boundaries migration; static/dynamic grain growth; and grain
rotation, recovery, and recrystallization [1,3]. Moreover, superplasticity is a characteristic feature of
materials with stable, equiaxed, and fine (less than 10 μm) grains. Suerplasticity process covers various
metallic materials, one of which is Al alloys due to their low density and high specific strength. For this
reason, they are widely utilized in the aerospace and automobile industries. In practice, these alloys
have particles of secondary intermetallic phases that restrict resistance to deformation. The superplastic
properties may improve formability of alloys with reduced deformation resistance [3,5].

Some superplastic alloys are already industrially produced and used in practice. Among the
most known and useful alloys are the Al–Cu–Mg alloys, with elongation of more than 600% [6],
and Al–3Li–0.5Zr alloy, with elongation to failure of 1035% at 370 ◦C [7]. Highashi et al. [8] experienced
exceptional superplastic elongation of 5500% in aluminum bronze at 800 ◦C and 6.3 × 10−3 s−1 strain
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rate. Much research has been reported in superplasticity of metals such as in magnesium-, iron-,
titanium-, and nickel-based alloys [1,3,9].

Alloys with superplastic properties have eutectoidal or eutectic composition, although they have
not been applied in practice due to unsuitable mechanical properties, although they possess good
plasticity. In these alloys, the plasticity of one phase is different from the other due to the difference in
crystal structure and/or chemical composition, i.e., the two phases are not equally easy to deform [10–12].
According to the literature, plastic deformation starts in the soft phase while the hard phase could
still be in the elastic state [4,12]. As the plastic deformation proceeds further, the soft phase is strain
hardened and internal stresses at interfaces drastically build up via dislocation accumulation and pile
up [10,13,14]. Thus, there is a stress gradient and a strain gradient, which lead to the build-up of back
stress [13,14]. Eventually, co-deformation of the two phases begins. Temperature increase causes a
change in deformation mechanisms not only in grain interior but also, mainly, in interfaces. This factor
primarily allows deformation of such materials. The second factor is connected with the applied
technique of deformation. The high shear strain imposed by severe plastic deformation (SPD) can refine
the grains in materials down below the ultra-fine-grained (UFG) regime. The phases in alloys can also
be significantly and uniformly distributed, unlike the unprocessed samples. The SPD processing very
often may be connected with temperature increase during deformation. This phenomenon of SPD may
simplify superplastic deformation. Valiev et al. [15] utilized high-pressure torsion (HPT) to process
Al–Cu–Zr alloy and obtained elongation of 250% at a low temperature of 220 ◦C. This confirmed that
the SPD process is an important way to increase plasticity of alloy.

The strengthened Al–Cu alloys are commonly used for structural engineering applications, and in
civil engineering [13,16]. In practice, these alloys are used in heat treatment state after supersaturation
and aging. As-cast alloys with a higher fraction of intermetallic phases can also be useful in engineering
applications due to some interesting properties. The intermetallic phases are particularly responsible for
formability, mechanical properties, and fracture behavior of as-cast Al–Cu alloys. Fracture toughness
and formability decrease with increased fraction of intermetallic phases [3,14]. Intermetallic phases
are responsible for increased mechanical properties, and as a result, the application of these alloys at
higher temperatures is possible [11,16].

Extrusion combined with reversible torsion (KoBo) is one of the SPD methods [17]. The complex
state of stress and deformation enables deformation of practically non-deformable materials.
Under conditions induced by KoBo, when the process is realized with higher deformation intensity,
it is possible to obtain higher strength properties. Additionally, temperature of deformed material can
rise enough to generate some structural changes, indicating the occurrence of dynamic recovery and
recrystallization [17,18], and as a consequence, the observed structure becomes composed very often
of equiaxed grains, which are typical for increase of plastically properties.

Thus, in this article, the structural and mechanical properties of grain refinement of Al–Cu alloy
with a high-volume fraction of Al2Cu phase using the KoBo method is presented. For this reason,
alloys that nearly cross the eutectic line, have hypoeutectic composition, and have eutectic composition
were analyzed. Method samples refined by KoBo were tensile tested at high temperature to obtain
superplastic properties.

2. Materials and Methods

The binary Al–Cu alloys with 5 wt % of Cu (Al5Cu), with 25 wt % of Cu (Al25Cu), and with
33 wt % of Cu (Al33Cu), were prepared from pure Cu (99.99 wt %) and Al (99.99 wt %). The alloys
were obtained by melting in the Leybold–Heraues furnace. The alloy components were melted using
high frequency generator under purified argon atmosphere and cast into a steel mold of cylindrical
shape of 50 mm diameter. After cooling, the ingots were removed from the molds, and next were
machined to 49.5 mm in diameter and were cut to the length of 100 mm. Then the alloys were extruded
using KoBo technique to form rods with diameters of 9 and 6 mm that corresponded to reduction
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coefficients of λ = 30 and λ = 98, respectively. The coefficient was expressed as follows: λ = [do]2/[dk]2,
where do—initial diameter of ingot, dk—diameter of rod after KoBo.

The severe plastic deformation tests were carried out with the modernized KoBo 2.5 MN horizontal
hydraulic press. The recipient temperature was about 130 ◦C. All deformation tests were carried out at
constant angle of die reverse-rotation +/−8◦. The die oscillation frequency was 5 Hz. The tensile tests
were performed on a Zwick/Roell 100 machine (Zwick Roell AG, Ulm, Germany) at room temperature,
300 ◦C, and 400 ◦C, with a rate of 10−4 s−1. The dimensions of the samples were diameter (d) = 4 mm,
length (lo) = 50 mm. The microstructure was analyzed by the optical microscope Olympus GX71
(Olympus, Glasgow, UK) and the scanning electron microscope (SEM) LEO GEMINI 1525 (Leo Inc.,
NY, USA) operated at 30 kV. Additionally, a scanning transmission electron microscope (STEM) Hitachi
HD-2300 A (Hitachi-Science&Technology, Tokyo, Japan) equipped with a Field Emission Gun (FEG)
operated at 200 kV was used for microstructure characterization on longitudinal sections of the
extruded billet. For microstructure examination, we used transmitted electron (TE) and Z contrast
(ZC) imaging. The metallographic specimens were mechanically grinded and polished, and then
were treated by electropolishing in 80% ethanol and 20% perchloric acid solution combined with
anodic oxidation in Barker’s reagent. For STEM investigations, foils with a diameter of 3.0 mm after
electrolytic thinning were used.

The X-ray phase analysis was performed on an X’Pert3 Powder diffractometer (Malvern Panalytical,
Chester, UK) using a copper anode lamp (λCuK-1.5406 ) supplied with a current of 30 mA at a voltage
of 40 kV. The recording was made in 0.02◦ steps in the angular range from 10◦ to 90◦2. The tests were
carried out on solid samples. The identification of the crystalline phases was performed using the
International Centre for Diffraction Data (ICDD PDF-4+) database.

3. Results and Discussion

The microstructures of Al5Cu, Al25Cu, and Al33Cu alloys at as-cast state are presented in Figure 1.
The mass weight of Cu in Al5Cu alloy was on the limit of maximum Cu solubility in Al. Therefore,
the particles of Al2Cu phase were visible in dendrites of α phase in a wide range of sizes (large particles
with eutectic composition and dispersoids) (Figure 1a). Increase of Cu content led to increase of
interdentritic regions in Al25Cu alloy. The interdentritic regions consisted of massive eutectoid
composition (α + Al2Cu phase) and dendrites of α-Al matrix (Figure 1b). Micrometric lamellar
structure of the θ-Al2Cu and α-Al phase was characteristic for Al33Cu alloy (Figure 1c).

Figure 1. Microstructure of (a) Al–Cu alloy with 5 wt % of Cu (Al5Cu), (b) with 25 wt % of Cu (Al25Cu),
and (c) with 33 wt % of Cu (Al33Cu) in initial state.

The X-ray analysis showed the presence of an aluminum-based solid solution α-Al (face-centered
cubic lattice) phase and an intermetallic Al2Cu (C16, tetragonal lattice) phase (Figure 2).
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Figure 2. X-ray diffraction patterns of Al–Cu alloys.

During KoBo tests, we recorded temperature for samples that left the device using the ThermaCam
SC640 (Flir Systems Inc., Portland, OR, USA) mobile thermal imaging system equipped with software
for thermographic analysis. Examples of thermograms for the Al5Cu and Al25Cu alloys after using the
KoBo method are shown in Figure 3. The temperature was recorded in the range from approximately
37◦ to 132◦ for the Al5Cu alloy deformed with λ = 98, and in a range from approximately 63◦ to
247◦ for the Al25Cu alloy deformed with λ = 98. Similar changes in temperature recorded as those
for Al25Cu alloy were observed for the Al33Cu alloy. Differences in recorded temperatures between
Al5Cu and Al25Cu alloys followed from thermal conductivity coefficient of the tested materials.
Thermal imaging revealed an increase in temperature on the surface of the material. However, we
cannot exclude the potential of a higher increase in temperature inside the sample, where material was
intensively deformed.

Figure 3. Thermographical pictures of surface samples of Al–Cu alloys after extrusion combined with
reversible torsion (KoBo) processing with λ = 98: (a) Al5Cu alloy, (b) Al25Cu alloy.

After KoBo deformation, the microstructures visible in the longitudinal section showed
characteristic fibrous structure as a result of the extrusion process (Figure 4). Increase in deformation
did not introduce noticeable changes in microstructure. Massive regions of eutectoid composition
occasionally observed in Al5Cu alloy were shown to not be deformed. It was evident that α-Al phase
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underwent recovery as a result of temperature increase. Visible in Figure 4a are grains of α-Al phase
with different grain sizes. The difference in grain sizes may have been the result the localization of fine
Al2Cu phases that were not uniformly distributed during KoBo. In Figure 4b, the grains of α-Al phase
are not visible, meaning that the grains were very small and essentially invisible when using light
microscopy (LM) imaging. In Al25Cu alloy, the refinement process occurred for θ-Al2Cu and α-Al
phases (Figure 4c,d). SPD process was connected with distribution of Al2Cu phase, which assured a
more equiaxial structure compared with sample in as-cast state. Independently of deformation value,
heterogeneity in microstructure was visible (Figure 4c,d). The Al2Cu phase areas were clearly separated
from the α-Al phase areas. Refined Al2Cu phase was elongated in the extrusion direction. Although
the KoBo process did not introduce homogeneity in the arrangement of the individual θ-Al2Cu and
α-Al phases for Al25Cu alloy, lamellar structure observed for Al33Cu alloy promoted homogeneity in
microstructure and made the microstructure consist of near equiaxed intermetallic Al2Cu and α-Al
phases (Figure 4e,f). This was a consequence of eutectic structure, which is the most susceptible to
fragmentation and formation of equiaxed grains.

Figure 4. Microstructure of Al–Cu alloys after KoBo deformation: (a,b) Al5Cu alloy, (c,d) Al25Cu alloy,
(e,f) Al33Cu alloy, (a,c,e) λ = 30, (b,d,f) λ = 98.
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Since there were no significant microstructural changes observed using LM, we selected samples
after λ = 98 deformation for further STEM investigations in order to focus our attention mainly on the
processes accompanying the fragmentation and rearrangement of individual phases. The choice of
the deformation with λ = 98 suggested that the structure was more refined and more homogeneous.
To show differences between θ-Al2Cu and α-Al matrix phases and to show dislocation structure of
individual phases, we recorded the microstructures by using ZC imaging (left side of Figure 5) and TE
imaging (right side of Figure 5). The bright phases in the left side represent θ-Al2Cu phase, which in
figures in right sides is shown as dark phases.

Figure 5. TEM images showing the characteristic microstructures of Al–Cu alloys after KoBo processing
at λ= 98. The microstructures on the left side represent Z contrast (ZC) images, while the microstructures
visible on the right side represent transmitted electron (TE) images. (a,b) Al5Cu alloy, (c,d) Al25Cu
alloy, (e,f) Al33Cu alloy.
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In Al5Cu alloys, small Al2Cu particles acted as effective barriers of dislocation movement and
were responsible for blocking of grain/subgrain boundaries (Figure 5a). The grains of α-Al matrix
were visible as equiaxed structures with high dislocation density inside. The diffraction contrast
of individual grains means that misorientation between grains was high (Figure 5b). In Al25Cu
alloy, the role of small and very small particles of Al2Cu phase was the same as in Al5Cu alloy
(Figure 5c,d). Observed massive microareas of Al2Cu phase were refined with the characteristic effect
connected with creation of grain/subgrain boundaries as a result of dislocation accumulation and
their rearrangement (Figure 5d). Even through the microstructure of Al2Cu phase was not completely
fragmented (Figure 5c), there were observed microvoids pointing to the initiated process of grain
refinement (Figure 5c). The microcracks were formed at the boundaries of new grains/grains or at the
contact point of three grains. The observed phenomenon proved that first the fragmentation of the
structure occurred, as the process of dislocation generation and rearrangement, and then the phase
fragmentation process occurred. This process was especially visible when the TE and ZC images were
combined, as shown in Figure 5c,d. The generation and rearrangement of dislocations proved the
deformability of the intermetallic phase. The examples of generated voids shown in the Figure 5c,d
may indicate the initiated process of grain boundary sliding. Temperature increase during KoBo
deformation may enable this process. Similar phenomena of creating dislocation boundaries and then
phase fragmentation through mutual separation of individual blocks and their mutual rotations were
observed in the Al33Cu alloy (Figure 5e,f). In this case, the grain refinement process was facilitated by
the lamellar structure of the eutectic alloy.

Mechanical properties extruded by KoBo samples are shown in Table 1.

Table 1. Measured mechanical parameters: yield strength (YS), ultimate tensile strength (UTS),
and elongation to fracture (Ac) of deformed Al–Cu alloys with KoBo processing.

Alloys Reduction Coefficient UTS (MPa) YS (MPa) Ac (%)

Al5Cu
λ = 30 208 75 46

λ = 98 191 104 55

Al25Cu
λ = 30 328 92 12

λ = 98 280 126 13

Al33Cu
λ = 30 446 438 9

λ = 98 483 398 7

High fraction of α-Al phase in microstructure was characterized by high plasticity. For sample
Al5Cu, elongation to fracture (Ac) was over 45%, while for Al33Cu alloy (Ac), it was about 7%. Ultimate
tensile strength (UTS) of Al5Cu alloy after the KoBo extrusion reached 160 MPa. Increase of Cu content
in alloys (Al25Cu and Al33Cu alloys) resulted in the increase of strength. Al25Cu alloys in terms of
UTS were in the range of 280–330 MPa. For Al33Cu alloys, the UTS was in range of 450–480 MPa.
Strengthening by the intermetallic particles in Al25Cu alloy and Al33Cu alloy was accompanied by a
drastic drop of ductility. For Al25Cu alloy, the elongation to fracture (Ac) was about 12%; this value
decreased to 7% for Al33Cu alloys. Interesting tensile test results were obtained for the alloys deformed
with increasing value of deformation. An increase in the λ value caused a slight decrease in UTS with
simultaneous increase in elongation. This indicated a favorable phenomenon related to an increase
in both strength and plastic properties. The observed high strength properties were a combination
of various strengthening mechanisms, i.e., precipitation strengthening, deformation strengthening
by generating high dislocation density, and strengthening by grain boundaries (refinement process).
Improvement of plastic properties may be attributable to the more homogeneous microstructure with
ultra-fine-grained equiaxed grains with high misorientation angles.

The superplastic tensile stress–strain curves at 300 ◦C and 400 ◦C are shown in Figure 4.
Additionally, the results of mechanical measurement are displayed in Table 2.
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Table 2. Measured mechanical parameters: stress peak (σmax), elongation to failure (εmax) of deformed
Al–Cu alloys.

Alloys Mechanical Properties
300 ◦C 400 ◦C

λ = 30 λ = 98 λ = 30 λ = 98

Al5Cu
σmax (MPa) 46 15 18 14

εmax (%) 29 60 57 63

Al25Cu
σmax (MPa) 46 30 13 14

εmax (%) 192 114 787 827

Al33Cu
σmax (MPa) 49 21 11 10

εmax (%) 140 345 987 1085

From Figures 6–8, we see that the flow stress and elongation depended on the deformation
temperature and value of λ. As shown in Figure 6, the flow stress curves of Al5Cu alloy for 300 ◦C and
λ = 30 were raised sharply to the peak values of about 46MPa and then decreased quite rapidly, with a
strain failure of about 30%. As the sample was deformed at λ = 98, the value of peak stress decreased
and was about 15MPa. It should be noted that the deformation value was also responsible for the
strain increase. The elongation was about 60%. For samples deformed at 400 ◦C with λ = 30 and λ = 98,
the value of peak stress was in range from 14 MPa to 18 MPa. Simultaneously, the samples reached
failure in the range from −57% to 63%. It should be noted that samples deformed at 300 ◦C with
λ = 98 were characterized by a similar level of elongation and stress as samples deformed at 400 ◦C.
It was found that the Al5Cu alloys had maximal elongation at a temperature of 400 ◦C. The typical
characteristic of flow curves (approaching a steady state) indicated the occurrence of softening effect,
which began to be dominated by the acceleration of dynamic recovery during deformation.

Figure 6. The superplastic tensile stress–strain curves for Al5Cu alloy.
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Figure 7. The superplastic tensile stress–strain curves for Al25Cu alloy.

Figure 8. The superplastic tensile stress–strain curves for Al33Cu alloy.

The influence of the deformation temperature on the superplasticity effect in the case of the
Al25Cu alloy was significant (Figure 7). The superplastic properties of the alloy were evidently
demonstrated at the higher deformation temperature. For samples deformed at 400 ◦C with λ = 30 and
λ = 98, the flow peaks were comparable and amounted to approximately 13–14 MPa. Simultaneously,
the samples reached failure in the range from 787% to 827%. Generally, the increase in the deformation
value in the case of samples deformed at the temperature of 400 ◦C led only to an increase in
elongation. As the samples were deformed at 300 ◦C, the increase of λ value influence on flow peaks
decreased and increased in elongation. However, in this temperature, the alloys did not show evident
superplastic properties.
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Similar deformation characteristics as those of the previously described Al25Cu alloy were observed
for the Al33Cu alloy (Figure 8). In this case, an increase in the elongation (about 987% and 1085% for
the deformation of λ = 30 and λ = 98, respectively) were noted during deformation at a temperature
of 400 ◦C, with a lowering value of the stress of approximately 10–11 MPa. The samples of Al33Cu
alloy deformed at 300 ◦C maintained quite a high level of peak stress equal to 49 MPa and 21 MPa for
λ = 30 and λ = 98, respectively. The elongation value did not exceed 350% for samples deformed with
λ = 98. On the basis of performed experiments, we must note that the experimental alloys had maximal
superplasticity at a temperature of 400 ◦C. The minimum value of the stress peak and maximum
elongation to failure were obtained for Al33Cu alloy with the equiaxed ultrafine-scale structure.

The microstructures presented in Figure 9 show selected examples of high-temperature
deformation of alloys at the temperature of 400 ◦C for λ = 98. First of all, the microstructural
changes visible near the fracture site were taken into account in order to visualize the material fracture
mechanism. From Figure 9a–c, it was visible that many of the large- and intermediate-sized particles
cracked or detached from the matrix because of their random orientation. Since there were relatively
few precipitates in the alloys of high and medium size, the nature of the cracking depended mainly on
the matrix, which was plastic and well deformable. Discontinuities visible in interfaces as a result
of the mismatch of the crystallographic lattices were much more common than in the process of
material decohesion as a result of intermetallic phase cracking. Very small precipitates presented in the
matrix (Figure 9a,c) did not support the material cracking process. Small particles rarely fractured,
hence reducing crack formation. The fraction of precipitation did not change with deformation increase.
The important role of ultra-fine precipitates of Al2Cu phase reduced the grain size with deformation.
This was important in the process of superplasticity and may have affected increase in elongation.

Figure 9. Microstructure of Al–Cu alloys after tensile test at 400 ◦C: (a–c) Al5Cu alloy, (d–f) Al25Cu
alloy, (g–i) Al33Cu alloy.
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In the Al25Cu samples, cracks were generated in Al2Cu phase and spread in this phase in the
direction perpendicular to the tensile direction, as shown in Figure 9d. Moreover, the formation of
large discontinuities was favored by numerous cracks present in the massive, non-separated areas of
intermetallic phases (Figure 9f). Very often, the span of the crack was determined by the size of the
phase. During the next deformation, the cracks merged and a distinct fracture was formed, which was
not stopped by the plastic phase. The crack propagated through one intermetallic particle into another,
likely due to their proximity (Figure 9e). The fracture was stopped only in the area of the plastic matrix
(Figure 9d).

In the case of the Al33Cu alloy, where the distances between the individual phases were much
smaller, the developed fracture was retained or absorbed by the α-Al phase. In this case, many cracks
were formed (Figure 9g–i). The course of cracks was not as pronounced as in the case of the Al25Cu
alloy, which was characterized by a heterogeneous structure with an irregular distribution of α-Al
and Al2Cu phases. The bond between the particle and matrix appeared to be exceptionally strong.
Meanwhile, the fine grain structure often increases a material’s ability to tolerate plastic deformation
without fracture.

According to the literature [3] and performed mechanical investigations of superplasticity
properties, it should be noted that the effect of deformation temperature on superplasticity is closely
related to the microstructure. Due to the rise in plastic deformation temperature, the atomic energy of
the alloy is increased, and the activity of atoms is higher [1,2]. Therefore, the binding force of the atoms
decreases, resulting in a significant reduction of the dislocation barrier, and thereby reducing the flow
stress. On the basis of the obtained data, for microstructural analysis using STEM, we chose samples
deformed at the temperatures of 300 ◦C and 400 ◦C with λ = 98. This selection was made on the basis
of the obtained superplasticity characteristics presented in Figures 6–8. Moreover, we considered the
fact that a high value of deformation results in a much greater homogeneity of microstructure and in
grain refinement [19–21]. Therefore, one should expect an increase in superplasticity.

STEM observations (Figure 10) showed the presence of clearly visible α-Al phase grains with
high angle boundaries as a result of deformation (Figure 10a,b). In the new grains, a great number of
dislocations occurred as a result of deformation at 300 ◦C. High density of dislocations inside the grains
was the result of the presence of a large number of Al2Cu phase precipitates. For samples deformed at
400 ◦C, the dislocation amount was much less (Figure 11a,b). Equiaxial and elongated grains (in the
tensile direction) with different sizes were also observed. Figure 10a evidently demonstrates that
dislocations were formed in grains during deformation at 300 ◦C and eventually transforming into
subgrains/grains (Figure 10b) with increased temperature. Therefore, the strengthening stage was
found to be related to the continuous accumulation of defects and formation and growth of the grains.
From these findings, we considered the contribution of intragranular deformation. The structural
changes reflect the character of the curves shown in Figure 6. The high density of dislocation in the
Al5Cu alloy in particular resulted in a greater value of stress peak.

In the Al25Cu alloy deformed at the temperature of 300 ◦C, the dislocations were presented both
in the massive phase of Al2Cu and α-Al phase (Figure 10c,d). Dislocations present in the Al2Cu phase
as a result of deformation created numerous dislocation tangles without signs in creation of low- or
high-angle boundaries, as were visible for the α-Al phase. This phenomenon indicates differences in
the deformation process of both phases. The existence of subgrains and dislocation tangles contributed
in a minor way to slide and rotation of Al2Cu phase. STEM observations performed for Al25Cu
alloy deformed at 400 ◦C showed the presence of well-defined grains/subgrains inside massive
Al2Cu phase. The microvoids observed in Al2Cu phase accelerated the process of grain boundary
slipping (Figure 11c). Dislocations accumulated in α-Al phase as a result of deformation generated the
new boundaries and multiplication of new grains as a process of continuous recovery (Figure 11d).
A probable mechanism of superplasticity is the high angle grain boundary sliding [1,22]. This situation
is evidently characteristic for Al33Cu alloys. Although the STEM microstructure of the specimens after
deformation at 300 ◦C in some areas was visible as lamellar structure with dislocation density inside
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Al2Cu phase and α-Al phase (Figure 10e,f), we nevertheless found visible examples of equiaxial phases
that were fragmented. The evident example of samples with occurrence of grain boundary sliding is
shown in Figure 11e, where grains gradually twisted and moved along the tensile direction. When the
stress reached its critical value, the alloy was fractured. As presented in Figure 11e, grain boundary
sliding occurred more readily for superfine grains with high grain boundaries, an example of which
was the eutectic Al33Cu alloy. Maximal elongation shown in 400 ◦C tensile process was the result of
the high mobility of grain boundaries (Figure 11e).

Figure 10. Scanning transmission electron microscope (STEM) images showing the characteristic
microstructures of Al–Cu alloys after tensile test at 400 ◦C. The microstructures on the left side represent
ZC images, while the microstructures visible on the right side represent TE images. (a,b) Al5Cu alloy,
(c,d) Al25Cu alloy, (e,f) Al33Cu alloy.
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Figure 11. STEM images showing the characteristic microstructures of Al–Cu alloys after tensile test at
400 ◦C. The microstructures on the left side represent ZC images, while the microstructures visible on
the right side represent TE images. (a,b) Al5Cu alloy, (c,d) Al25Cu alloy, (e,f) Al33Cu alloy.

There is only limited information in the literature in terms of the theme connected with
understanding of the deformation process of the two-phase microstructure of Al–Cu alloy with
a high volume fraction of secondary phase on mechanical properties. For example, in a study by [23],
Equal Channel Angular Pressing (ECAP) was successfully applied on a lamellae eutectic alloy of
Al33Cu at 400 ◦C, up to an equivalent strain of ≈8. After deformation, a homogeneous fine equiaxed
duplex microstructure with an average size of 1.1 mm was obtained. Obtained by using KoBo
deformation, microstructures of AlCu alloys are connected with ultrafine near-equiaxed grains of α-Al
and Al2Cu phase. The obtained grain size and somewhat homogeneous microstructure are capable of
achieving superplastic properties. The refinement in the microstructure means that the fraction of grain
boundaries, which are responsible for superplastic properties, is increasing, because in the area of grain
boundary, the main processes related to superplastic flow take place. After high temperature (400 ◦C)
deformation with λ = 98, the microstructure remained more equiaxed and the microstructure was still
fine grained; for this reason, the elongation was higher. The thermally stable and equiaxed grains
provided evidence of GBS occurrence. Detailed investigations using scanning transmission electron
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microscopy showed that grains of the α-Al phase had a higher density of dislocations than Al2Cu
phase during deformation at 400 ◦C (Figure 11d,f). This situation was connected with the fact that
for Al2Cu phase, the processes of recovery can proceed easier than for the α-Al phase. The obtained
results are in accordance with the literature [24,25]. During deformation in Al2Cu phase, we observed
a mechanism connected with non-conservative motion of glide dislocation. This mechanism provided
rapid diffusion channels during plastic deformation and indicated structural instability. The high
population of vacancies observed in Al2Cu alloys facilitated the diffusion of the alloying elements;
thus, it may have accelerated de-alloying of Al from Al2Cu. In addition, it is conjectured that the easy
climb of dislocations driven by dislocation interaction will reduce the glide ability of a dislocation,
limiting plastic shear under mechanical loading [25].

On the basis of the obtained results, we found that the intermetallic phase can inhibit the GBS.
The nanoscale particles could effectively make the microstructure stable and prevent grain growth
so that superior plasticity could be achieved. It is also worth noting that the nanoscale/ultrafine
precipitates were of high melting point so as to inhibit the grain growth effectively, with this situation
being especially typical for Al5Cu and Al25Cu alloys.

These mechanical characteristics demonstrated that Al–Cu alloys with high fraction of intermetallic
phase are characterized by the typical fine-grained superplasticity.

4. Conclusions

1. The KoBo method allowed grain refinement of the AlCu alloys to the micrometric level.
2. Recipient heating and additionally severe plastic deformations contributed to temperature

increase; as a result, the processes related to the formation of equiaxial grains with a large
fraction of high-angle boundaries were observed. This microstructure is helpful in achieving
superplastic properties.

3. The applied value of deformation (λ) played a significant role in the deformation of KoBo. If the
samples were deformed with λ = 98, then the grains were refined and the structure was more
homogeneous. Deformation increase resulted in an increase of plastic properties with a decrease
in strength properties.

4. The samples deformed at 400 ◦C showed superplastic properties. This problem mainly concerned
the Al25Cu and Al33Cu alloys. Both the phase composition (a large fraction of the intermetallic
phase and a large fraction of high angle boundaries) guaranteed superplastic properties of the
analyzed alloys.

5. The eutectic Al33Cu alloy, due to its specific structure and considerable grain refinement,
had the highest elongation during tensile test at high temperature. The Al25Cu alloy did not
provide comparable value in an elongation to the Al33Cu alloy due to the high heterogeneity in
the microstructure.

6. The grain boundary sliding mechanism was already initiated during KoBo deformation. During
KoBo deformation, microcracks formed, which were observed in the Al2Cu phase and in interfaces
areas. This microstructural elements in the conditions of superplastic deformation facilitated
deformation using the GBS mechanism.
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Abstract: This paper presents the results of numerical tests of the process of forging magnesium
alloy ingots (AZ91) on a hydraulic press with the use of flat and proprietary shaped anvils. The
analysis of the hydrostatic pressure distribution and the deformation intensity was carried out. It is
one of the elements used for determining the assumptions for the technology of forging to obtain a
semi-finished product from the AZ91 alloy with good strength properties. The aim of the research
was to reduce the number of forging passes, which will shorten the operation time and reduce the
product manufacturing costs. Numerical tests of the AZ91 magnesium alloy were carried out using
commercial Forge®NxT software.

Keywords: magnesium alloy AZ91; physical modelling; open die forging; flat anvils; shaped anvils

1. Introduction

The search for lightweight construction materials with favourable strength parameters,
which has continued over several decades, has led scientists toward magnesium alloys [1–3].
The implemented environmental protection policy, the main goal of which is to reduce the
weight of cars and fuel consumption, and to reduce the impact of greenhouse gases emitted
by cars, is not without significance in this matter [4–7]. Magnesium alloys, being the lightest
construction materials and showing good heat dissipation and vibration damping, are found
to have more and more applications in the automotive industry. They are used to produce
elements for operation at ambient temperatures, such as brackets, covers, or casings of modern
cars [8–11]. The vast majority of products made of magnesium alloys are obtained mainly in
extrusion and stamping processes and, less frequently, in rolling and forging processes.

However, forged products made of magnesium alloys deserve special attention due
to their homogeneous microstructure and improved mechanical properties compared
to elements made of cast alloys. Due to their properties, the products obtained in the
forging process are also attractive to such industries as: shipbuilding, aviation, space, and
electronics [12–14]. The unquestionable advantage of using open-die forging processes to
deform magnesium alloys is the possibility of freely shaping the metal flow kinematics,
including by controlling the shape and dimensional parameters of anvil working surfaces
and the main parameters of extending operations, which is often impossible, e.g., in
extrusion processes. It is also possible to forge magnesium alloys in differently-shaped
anvils. The use of shaped anvils allows for the introduction of the intended nature of
stresses and strains in the local areas of the forgings. Additionally, the advantage of
this forging method is the reduction of the number of forging passes, which reduces the
production costs of the final products [15].

The implementation of research in the field of designing forging technology requires a
comprehensive approach to the research problem. A high variability of shaping parameters
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(such as temperature and sequence of operations) and technological procedures (such
as material rotation and deformation by means of anvils during the forging elongation
operation, values of the set reductions, relative feed values, deformation speed, and shape
and dimensional parameters of the anvil working surfaces) makes it extremely difficult to
obtain forgings from high-quality magnesium alloys with a homogeneous microstructure
throughout the entire volume. Due to the hexagonal, compact, crystallographic structure,
magnesium alloys have limited plasticity and poor deformability at ambient temperature.
They are also characterised by a high anisotropy of mechanical and plastic properties
arising during the given plastic deformation. Due to these factors, there is an increase
in demand for a technology for the production of magnesium alloys with better strength
properties. Proper implementation of the open-die forging process in flat and shaped
anvils of selected magnesium alloys requires not only special forging equipment but, most
of all, necessary specialist knowledge in this field. Undertaking the research into the
theoretical analysis of plastic forming of the AZ91 magnesium alloy is one of the stages
of designing the technology of manufacturing finished products with good mechanical
properties [15–19].

2. Test Objective and Scope

The aim of the paper was to determine the distributions of hydrostatic pressure
and strain intensity in AZ91 magnesium alloy rods, shaped by open forging in flat and
shaped anvils, based on model tests of these technological processes. The use of shaped
anvils will reduce the number of forging passes and, at the same time, reduce the cost of
manufacturing the product.

Modelling of the forging process was performed using the Forge®NxT software
commercial software (version 2.0) Transvalor S.A., Biot, Sophia Antipolis cedex, France
based on FEM, which allows for the determination of changes in the value of hydrostatic
pressure and strain intensity in the plastically processed metal at any stage of the forging
elongation operation. Based on the analysis of the results of numerical tests, assumptions
for the technology of producing magnesium alloy bars by the open-die forging method in
flat and shaped anvils will be developed.

The obtained test results should contribute to the improvement of the mechanical
properties of the finished products through the appropriate selection of technological
parameters of the open-die forging process in flat and shaped anvils.

The ranges of deformation, deformation speed, and temperature changes during the
theoretical research were assumed on the basis of the characteristics of forging machines
such as: PHM 250 T Żywiec, Poland or PWH-250R, Poland used in real forging processes
and on the basis of literature data [15,20].

3. Materials and Methods

The material chosen for the tests was magnesium alloy AZ91 with chemical composi-
tions as given in Table 1 [15].

Table 1. Chemical composition of the investigated alloy (%).

Alloy Zn Al Si Cu Mn Fe Ni Mg

AZ91 0.59 8.98 0.05 0.006 0.23 0.013 0.003 R

4. Determination of Rheological Properties of the Selected Magnesium Alloy

Knowledge of the characteristics describing the technological properties of the material
is the basis for the correct conduct of the theoretical research and the design of new
technological processes (or modification of existing ones). For each technological process
of plastic working, a set of data that accurately describes the material’s susceptibility to
plastic forming should be defined [15].
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For plastic working processes, the basic feature characterising the material’s suscepti-
bility to plastic forming is the flow stress σp and limit strain εg.

The flow stress σp, i.e., the stress necessary to initiate and continue plastic flow of
metal under uniaxial stress conditions, is a function of strain (ε), strain rate (

.
ε), temperature

(T) and history of strain.
During hot plastic working, processes resulting from the plastic deformation mecha-

nism, material hardening, and thermally activated processes, as well as time-dependent
phenomena leading to material weakening, occur in the material structure. Thus, it is
relatively difficult to determine the technological plasticity characteristics of the material
for the conditions of hot plastic working [15].

The values of flow stress σp in computer programmes intended for modelling plastic
working processes by the finite element method are determined on the basis of the assumed
flow stress function. The flow stress is described by the dependence in the form of σp =

(
ε,

.
ε , T
)
.

Many functions are used for the mathematical description of changes in value σp depending on
the strain ε, temperature T, and strain rate

.
ε. One of them is the Hansel–Spittel Equation (1) [21].

This dependence is frequently used to derive value σp in computer programmes for numerical
modelling of plastic working processes [22]:

σp = Aem1Tεm2
.
ε

m3ε
m4
ε (1 + ε)m5Tεm7T .

ε
m8TTm9 (1)

where: σp is the flow stress, ε is the true strain,
.
ε is the strain rate, T is the temperature,

m1–m9 are coefficients characterising magnesium alloys.
In this paper, the rheological properties of the AZ91 magnesium alloy were deter-

mined on the basis of compression tests performed with a Gleeble 3800 metallurgical
process simulator [22]. The Gleeble 3800 simulator makes it possible to carry out tests
for a wide range of temperatures, corresponding to the actual conditions occurring in the
analysed technological process [23]. Tests are carried out in a vacuum chamber at a constant
temperature of the deformed sample. For plastometric tests, cylindrical samples with a
diameter of 10 mm and a length of 12 mm are used (Figure 1a). The uniaxial compression
test involves deformation of cylindrical samples between two well-lubricated planes. Given
the ideal conditions, the compression of the samples should be isothermal. The area of
interaction between the planes and the samples should have a zero value of the friction
coefficient. Moreover, when the sample is compressed, no deformation consisting in losing
its cylindrical shape should occur. Taking these conditions into account and assuming the
invariability of the metal volume during the compression test, the determined dependen-
cies of the actual stress on the actual deformation should be very similar to the conditions
occurring in metal shaping in industrial processes.

The advantage of the uniaxial compression test at elevated temperature is that the
data concerning the actual stress in relation to the actual deformation can be obtained for a
much wider range of strains, compared to those tested, for example, in a tensile test.

The plastometric tests were conducted with the following parameters:

• Sample temperature: 200, 300, 400 ◦C,
• Strain rate: 0.1, 1, 10 s−1,
• True strain: max. 0.8.

The samples were heated at a constant rate of 5 ◦C/s, up to a preset temperature, held
at this temperature for 20 s and then compressed [15]. The diagram for conducted tests is
shown in Figure 1b.
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(a) (b) 

Figure 1. Geometry and dimension of load (a); and thermal cycle of physical simulation (b) [15].

The dependencies between stress and actual deformation (Figure 2a,c) for the AZ91
magnesium alloy was developed on the basis of plastometric tests. The obtained test results
were approximated in order to determine the coefficients of Equation (1) (Table 2).

 
(a) 

 
(b) 

Figure 2. Cont.
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(c) 

Figure 2. Work-hardening curves for the strain rate range of (0.1 s−1–10.0 s−1) at a temperature of: (a)
200, (b) 300, and (c) 400 ◦C. (Black indicates the experimental curves; red indicates the approximated
curves) [15].

Table 2. Parameter values obtained from the approximation of Equation (1).

A m1 m2 m3 m4 m5 m7 m8 m9

AZ91 5985.99 −0.0116 0.37027 0.20062 −1.948 × 10−5 −0.008 0.5807 0.00021 2.54972

Based on the data in Figure 2, it can be observed that, after reaching the critical defor-
mation, the value of yield stress decreased with the increase of the actual deformation value,
for the entire tested range of changes in temperature, deformation, and deformation rate.
The decrease in the value of yield stress after reaching the maximum value is caused by the
ongoing processes of dynamic healing. Dynamic processes of microstructure reconstruction
are more intense at temperatures above 300 ◦C [15].

It is assumed that the coefficients of the approximating function (1) are sufficiently well-
selected if the mean approximation error does not exceed 10%. After analysing the course
of the actual curves and approximated curves presented in Figure 2, the approximation
error was found to be less than 10%.

5. Research Methodology

The geometric shape and dimensions of the anvil deformation valley used to model the
operation of elongation of an ingot made of an AZ91 magnesium alloy were selected on the
basis of the literature and the authors’ own research carried out at the Department of Plastic
Processing and Safety Engineering of the Czestochowa University of Technology [24–33]
and are presented in Figures 3 and 4.
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Figure 3. Shape and dimensions of flat dies used for AZ91 magnesium alloy forging [15].

Figure 4. Shape and dimensions of rhombic-trapezoid dies used for AZ91 magnesium alloy forging [15].

The model charge for the numerical tests of the elongation process was an AZ91
magnesium alloy bar with diameter φ = 80 mm and length l = 80 mm. After the operations,
the semi-finished product will have the following dimensions: 60 × 60 × 180. For numerical
simulations, the number of nodes in the volume of the model charge was assumed to be
9116, while the number of tetrahedral elements was 41568.

Numerical modelling of the elongation operation process was performed using com-
mercial software based on the Forge®NxT finite element method. This software allows
for the thermomechanical simulation of, among others, plastic processing processes [34].
Galerkin equations were used for thermal calculations. The main technological parame-
ters of the forging elongation operation were adopted on the basis of the authors’ own
research [15,24–28] and the literature [29–33]. The initial conditions during the simulation
of the elongation operation were the feed speed of the upper anvil equal to v = 8 mm/s,
while the lower anvil was assumed to be stationary.

Figure 5 shows a diagram of the operation of the AZ91 alloy rod elongation in flat
anvils. Relative reduction of 40% was used in all forging passes in this operation. The
forging passes were implemented in accordance with the forging direction indicated in
Figure 5. The first three forging passes were carried out with a relative feed of 0.8, then
the forging was rotated in the direction shown in Figure 5 by an angle of 90◦, and then
the anvils returned to the beginning of the forging (place of the Cartesian xyz coordinate
system sketch). Later, three consecutive forging passes (strictly 4, 5, and 6) were performed,
also with a density of 40% and a relative feed of 0.8.

354



Materials 2021, 14, 4010

Figure 5. Flat die elongation process diagram [15].

Figure 6 shows a diagram of the operation of the AZ91 alloy rod elongation in the
trapezoid and diamond anvils. In the first two forging passes, one side of the bar was
forged with a relative reduction of 25% and a relative feed of anvils of 0.8, in accordance
with the direction shown in Figure 6. The forging was rotated, as shown in Figure 6, by an
angle of 90◦, and the anvils returned to the beginning of the forging (sketch of the Cartesian
xyz coordinate system). Then, two successive forging passes (marked as 3 and 4) were
carried out with a relative reduction of 40% and a relative feed of 0.8. The shape of the
anvils determines the value of the applied relative reduction in the first forging passes.

Figure 6. Trapezoid-rhombic die elongation operation diagram [15].

In the paper, to simulate the elongation operation, a thermo-viscoplastic model of the
deformed body, which is based on the theory of large plastic deformations, was used. The
value of the friction coefficient adopted during the tests was μ = 0.3, in accordance with
Coulomb’s law.

It was assumed that the heat transfer coefficient between the anvils and the material is
λ = 5000 W/m2K, while the heat transfer coefficient between the metal and the environment
is equal to λ = 10 W/m2K. The ambient temperature and the anvil temperature were
assumed to be equal to 25 ◦C.

The initial temperature of the charge before the elongation operations in its entire
volume was assumed to be the same and equal to 400 ◦C.

6. Analysis of the Distribution of Hydrostatic Pressure Values during the
Elongation Operation

Figures 7–14 show the distributions of hydrostatic pressure values obtained during
numerical simulations of AZ91 magnesium alloy elongation in flat anvils.
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Figure 7. Distribution of the hydrostatic pressure of the AZ 91 alloy forging, deformed in the first pass with 40% reduction
in flat anvils: (a) on the cross-section, (b) on the longitudinal section.
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(a) (b) 

Figure 8. Distribution of the hydrostatic pressure of the AZ 91 alloy forging, deformed in the third pass with 40% reduction
in flat anvils: (a) on the cross-section, (b) on the longitudinal section.
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 (a) (b) 

Figure 9. Distribution of the hydrostatic pressure of the AZ 91 alloy forging, deformed in the fourth pass with 40% reduction
in flat anvils after slanting by 90◦: (a) on the cross-section, (b) on the longitudinal section.
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 (a) (b) 

Figure 10. Distribution of the hydrostatic pressure of the AZ 91 alloy forging, deformed in the sixth pass with 40% reduction
in flat anvils after slanting by 90◦: (a) on the cross-section, (b) on the longitudinal section.
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(a) (b) 

Figure 11. Distribution of the hydrostatic pressure of the AZ 91 alloy forging, deformed in the first pass with 25% reduction
in trapezoid and diamond anvils: (a) on the cross-section, (b) on the longitudinal section.
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(a) (b) 

Figure 12. Distribution of the hydrostatic pressure of the AZ 91 alloy forging, deformed in the second pass with 25%
reduction in trapezoid and diamond anvils: (a) on the cross-section, (b) on the longitudinal section.
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(a) (b) 

Figure 13. Distribution of the hydrostatic pressure of the AZ 91 alloy forging, deformed in the third pass with 40% reduction
in trapezoid and diamond anvils after slanting by 90◦: (a) on the cross-section, (b) on the longitudinal section.
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(a) (b) 

Figure 14. Distribution of the hydrostatic pressure of the AZ 91 alloy forging, deformed in the fourth pass with 40%
reduction in trapezoid and diamond anvils after slanting by 90◦: (a) on the cross-section, (b) on the longitudinal section.

From the data in Figure 7a showing the distribution of hydrostatic pressure on the
cross-section in the first stage of the elongation operation in flat anvils, it follows that, on
the cross-section of the forging under consideration, except for the outer zones, there are
high values of hydrostatic pressure, which means good plastic processing of the charge
material. The pressure forces caused by the effect of the lower and upper anvils compensate
parallelly to the y-axis, resulting in high-pressure values ranging from 130 to 60 MPa. This
means that the material was forged through, and it should be assumed that, for almost
the entire section of the forging, the degrees of forging will have high values, which is a
desirable phenomenon in good practice of applying the elongation operation.

Based on the analysis of the data presented in Figure 7b, it can be concluded that,
in the deformation valley, there is high hydrostatic pressure with values in the range
130–25 MPa, due to the pressure of the anvils. This proves good forging in the areas along
the forging axis. Negative values of hydrostatic pressure (−10–−80 MPa) can be observed
in the zones at the contact surface of the deformed forging with the working surfaces of
the anvils. The cause of negative hydrostatic pressure values are the friction forces at the
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material–tool contact surfaces. This causes tensile stresses to occur in the near-surface
layers of the forging. The occurrence of these stresses may cause delamination and cracking
of the material.

From the data shown in Figure 8a, it follows that a similar hydrostatic pressure
distribution was obtained as in the first pass (Figure 7a). A forging cross is visible, which is
characteristic for the elongation operation in flat anvils. It is undesirable when striving to
obtain uniform distributions of the values of strains and stresses in the entire volume of
the forging or in local zones, while it is desirable when striving to achieve the forging of
the material lying in the zones including the forging cross. The high value of hydrostatic
pressure inside the forging indicates a good degree of plastic processing of the material
practically throughout its cross-section, with the exception of the outer zones of the forging.

By analysing the data contained in Figure 8b, it can be concluded that there are high
values of hydrostatic pressure in the place of the anvil’s effect on the material. The pressure
forces directed along the y-axis cause universal compression of the material, thus causing
its plastic flow along the z-axis. The lack of hydrostatic pressure outside the deformation
valley indicates the presence of high mean stress values with positive values, which causes
the material to stretch.

From the data shown in Figure 9a, it follows that a uniform distribution of hydrostatic
pressure values in the considered section of the forging was obtained. However, the values
of this pressure are half the values for the cases shown in Figures 7a and 8a. The lower
values of hydrostatic pressure are due to the use of a lower absolute reduction for this
case. The obtained uniform distribution of hydrostatic pressure in the forging cross-section
affects the achievement of uniform mechanical properties of the finished product.

Based on the data in Figure 9b, it can be stated that, in the deformation valley, the
value of hydrostatic pressure is equal to 60 MPa, except for the areas located near the
material–tool contact zones. For these areas, the hydrostatic pressure values were negative
and ranged from −10 to −45 MPa. Outside the deformation valley, the pressure value was
25 MPa. Such a nature of the hydrostatic pressure value distribution proves good forcing
through the material in the deformation valley.

From the analysis of the data shown in Figure 10a, it follows that the forging cross
formed during the deformation indicates good forging in the last deformation stage, ending
the elongation operation of the AZ 91 alloy. Apart from the near-surface zone, which will
be removed in the machining process, the hydrostatic pressure values fluctuated within
the range of 60–25 MPa. Such good material processing in the last stage of the forging
guarantees a homogeneous structure, and thus, appropriate mechanical properties.

By analysing the data presented in Figure 10b and obtained for the last forging pass
in this elongation operation, it can be stated that the material was processed uniformly
both in the zones under the action of the anvils, as well as in the entire longitudinal section
along the z-axis. The values of hydrostatic pressure in this area of the forging ranged from
60 to 25 MPa. Slight local disturbances, which did not affect the processing of the material
in the entire volume of the forging, occurred in the zones of contact of the material with the
tool. It is extremely difficult to obtain, on the longitudinal section of the elongated forgings,
identical and yet the same sign of the stress values in the entire volume, when carrying out
the elongation operation in flat anvils.

From the data in Figure 11a, it follows that, after the first stage of the elongation
operation in the shaped anvils, the appropriate forging of the forging was obtained, in
accordance with good forging practice, except for the outer zones. Such a degree of plastic
processing of the material was achieved through the variable geometry of the anvils used to
elongate the alloy. Their working surfaces caused the directions of the pressure and friction
forces from the variable geometry of the upper trapezoid and lower diamond anvils to
cross. In almost the entire cross-section of the forgings, high values of hydrostatic pressure
in the range of 93–30 MPa were obtained.

By analysing the data in Figure 11b, it can be observed that there are high values of
hydrostatic pressure in the metal in the anvil action zones. The analysis of the hydrostatic
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pressure distribution on the longitudinal section of the forging shows that the AZ91 alloy
core was forged through, which is very desirable in forging elongation operations, and
not always achievable. There, the hydrostatic pressure values were within the range of
93–72 MPa. Good forging of the axial zone (in this case, along the z-axis) proves that good
strength properties and good quality of the product made by hot elongation were obtained.

Based on the data in Figure 12a, it can be concluded that the nature of the hydrostatic
pressure fields is similar to that obtained in the first forging pass (Figure 8). Similarly to the
first forging pass, a good material processing was obtained, from which it can be concluded
that the finished product will be characterised by good mechanical properties.

By analysing the data in Figure 12b, it can be stated that, apart from the zones of
contact of the material with the lower diamond anvil, the material flows freely without
touching the top of the working surfaces of the anvil. Due to the lack of deformation
resistance in this zone, tensile stresses occur there (no hydrostatic pressure). Apart from
this small local part of the forging, the material has good plastic processing (the hydrostatic
pressure value is within the range of 72–30 MPa), ensuring that it is forged through. In
subsequent forging passes, after the forging is rotated by 90◦, it will be important to
maintain such a degree of processing.

Figure 13a shows the distribution of the hydrostatic pressure on the cross-section of
the forging forged in the third pass with 40% reduction in trapezoid and diamond anvils
after slanting by 90◦. After the forging was rotated, it was possible to apply a relative
reduction of 40%. The implementation of such deformation ensures the maintenance of
high values of hydrostatic pressure in the range of 93–51 MPa in almost the entire volume
of the forging. The only zones with lower values of hydrostatic pressure are the local outer
zones. Local zones with lower values of hydrostatic pressure will be levelled in the next
stages of forging. It is important that the material is forged well in the entire volume of the
forging in the initial elongation operations.

From the analysis of the data in Figure 13b, it follows that an appropriate character of
the stress distribution in the deformation valley, consistent with the good forging practice
of conducting the elongation operation, was obtained. In the anvil interaction zone, the
deformed metal showed high values of hydrostatic pressure (72–51 MPa).

Based on the data shown in Figure 14a, it can be concluded that, in the last step of
the elongation operation, good plastic processing of the material was also obtained. The
obtained values of hydrostatic pressure in the metal on its cross-section were within the
range of 113–51 MPa. Obtaining the desired state of stresses is the result of the crossing in
the forging core of the pressure force vectors, resulting from the effect of the side walls of
the working surfaces of shaped anvils on the metal. Such a deformation method leads to
the all-round compression state in the material located in the deformation valley.

By analysing the data in Figure 14b, it can be stated that, along the metal’s longitudinal
section, there were high values of hydrostatic pressure, while outside the deformation
valley, the value of hydrostatic pressure in the metal was small and amounted to about
10 MPa.

7. Analysis of the Effective Strain Distribution during the Elongation Operation

Figures 15–18 show the distribution of the effective strain values obtained during the
numerical modelling of the operation of extending the AZ91 magnesium alloy ingot in flat
and shaped anvils.
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Figure 15. Distribution of the effective strain value on the longitudinal section of the AZ 91 alloy forging with 40% reduction
in flat anvils (a) forged in the first pass, (b) forged in the third pass.
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Figure 16. Distribution of the effective strain value on the longitudinal section of the AZ 91 forging, with 40% compression
in flat anvils after slanting by an angle of 90◦, (a) forged in the fourth pass, (b) forged in the sixth pass.
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(a) (b) 

Figure 17. Distribution of the effective strain value on the longitudinal section of the AZ 91 alloy forging, with 25% reduction
in trapezoid and diamond anvils, (a) forged in the first pass, (b) forged in the second pass.
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Figure 18. Distribution of the effective strain value on the longitudinal section of the AZ 91 forging, with 40% reduction in
trapezoid and diamond anvils after slanting by 90◦, (a) forged in the third pass, (b) forged in the fourth pass.

By analysing the data in Figure 15a, it can be concluded that, in the deformation valley,
in the areas along the longitudinal axis of the forging, the material was forged evenly,
and there are strains of the highest value (1.06–0.85). Hence, the flow of metal is also
greatest in the axial zone. It can be seen that the forging core in the deformation valley is
uniformly forged, which is particularly desirable in the elongation operation stages when
the temperature of the forging is close to the initial temperature, and the deformation
resistance is relatively low. This means that the value of the relative reduction (40%) was
selected rationally and in accordance with good forging practice. Lower values of the
reduction would not result in such good forging through the core, and reductions above
40% would cause forging cracks in the axial zones. A large intensification of deformations
is also visible in the places of the upper and lower anvils’ rounding, which is related to the
deep penetration of the anvil side surfaces into the material. In the next stages of forging,
after slanting, these places will be levelled.

Based on the analysis of the data contained in Figure 15b, it can be stated that the
effective strain distribution on the longitudinal section, after the forging is completely
forged to one side (i.e., before slanting), is even along its entire length. Uniform effective
strain distribution proves the possibility of obtaining homogeneous mechanical properties
of the finished product. Slight differences in the effective strain values occur in the places
of successive relative anvil feeds. Otherwise, the subsurface zones will be removed in the
subsequent machining steps.

By analysing the data shown in Figure 16a, it was observed that, after rotating the
forging by an angle of 90◦, the effective strain values in the forging core increased and
fell within the range of 1.06–1.27. In the deformation valley, the material flows plastically
along the z-axis in the opposite direction to the forging direction. The deformation intensity
values in the zones under the direct influence of the anvils ranged from 0.63 to 0.42. Lower
effective strain values on the contact surfaces of the material with the tools are a result of
the higher deformation resistance caused by the friction forces occurring there.

From the data in Figure 16b, it can be concluded that there is a uniform effective
strain distribution in the forged material. The occurrence of small areas with a higher
effective strain value is related to the shifting of the anvils in the successive forging passes.
Further areas of greater effective strain were observed in the front and rear parts of the
forging, in the places of free metal flow along the z-axis, in the forging direction, and in the
opposite direction. This metal flow pattern occurs in any elongation operation, especially
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in flat anvils. The uniform effective strain values distribution over the entire volume of the
forging can be obtained by the appropriate selection of the relative anvil feed value. In the
analysed operation of the AZ91 magnesium alloy ingot elongation, the relative feed was
assumed to be 0.8.

Based on the data shown in Figure 17a, it can be stated that the effective strain value
is unevenly distributed along the longitudinal section of the forged alloy. The reason
for this condition is the use of a relative reduction of a low value of 25%, due to the
geometric shapes of the anvils which, in the first stages of forming the forgings, before
turning by 90◦, make it impossible to use larger reductions. Additionally, the use of two
different anvils results in asymmetric plastic flow of the metal in the deformation valley.
The values of the pressure and friction forces from the upper trapezoid anvil were greater,
and the deformation valley from the side of the trapezoid anvil was also greater. Therefore,
an uneven distribution of the effective strain values can be observed (0.35–0.29). In the
deformation valley, from the side of the lower trapezoid anvil, the deformation intensity
value was 0.17–0.060. On the basis of the conducted analysis, it can be concluded that
the obtained effective strain distribution is unfavourable and is not compliant with good
forging practice of conducting the elongation operation. This unfavourable effective strain
distribution will be eliminated in the subsequent forging passes.

From the data in Figure 17b, it follows that, after the second forging pass, a more
even distribution of the effective strain values was obtained on the longitudinal section of
the forging. The effective strain values ranged from 0.44 to 0.22. Low strain values were
related to the low relative reduction of only 25% due to the contact of the side surfaces of
the anvils, as well as different shape and dimensional parameters of the anvils used.

By analysing the effective strain distributions shown in Figure 18a, it can be observed
that good forging occurred in its central part. Under the action of the anvils, the metal
flows freely in the opposite direction to the z-axis, while the near-surface zones of the
forging are less forged because the plastic flow of the metal in these zones is blocked by
the side surfaces of both the diamond and trapezoid anvils. The most important thing in
forging elongation operations is the appropriate forging of the axial zone, which is not
always possible to achieve in other elongation operations. However, in the analysed case,
it was possible to achieve this.

Based on the analysis of the data presented in Figure 18b, it can be concluded that,
after successive metal forging passes in shaped anvils, the effective strain value is two
times lower in the zones where there is no anvil interaction (0.31) than in the zones of
their impact (0.77). The use of shaped anvils in the elongation operation of the anvil shape
affects the uniform distribution of the effective strain in the anvil interaction zones, while it
is the cause of the uneven distribution of the effective strain in the places of subsequent
forging passes. However, in the entire volume of the deformed metal, these places are few,
and they do not significantly affect the mechanical properties of the finished product.

8. Final Conclusions

Based on the analysis of the results of numerical modelling of the elongation operation
of the AZ91 magnesium alloy ingot in flat and shaped anvils, the following final conclusions
were formulated:

• From an economic and technological point of view, it is rational to carry out the
elongation operation of the AZ91 magnesium alloy ingot in trapezoid and diamond
shape anvils designed by the authors. As a result of the use of shaped anvils in the
elongation operation, it was possible to reduce the number of forging passes from six
to four, compared to the technology for which flat anvils were used, obtaining the
same shape and dimensional parameters of the finished forging.

• During the elongation operation in both flat and shaped anvils, an even distribution of
hydrostatic pressure was obtained. The hydrostatic pressure values were 94–59 MPa
during the elongation operation in flat anvils and 91–51 MPa in the shaped anvils,
which means good material processing.
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• Negative values of hydrostatic pressure (no hydrostatic pressure) during the elonga-
tion operation in flat anvils can be observed on the contact surfaces of the deformed
forging with the working surfaces of the anvils. On the other hand, during the elon-
gation operation in diamond and trapezoid anvils, negative values of hydrostatic
pressure occur on the surface of contact of the upper trapezoid anvil with the material.
The cause of the negative hydrostatic pressure values is the friction forces occurring in
the material–tool contact zones, which cause tensile stresses in the near-surface layers
of the forging. The occurrence of these stresses may cause delamination and cracking
of the material.

• The uniform distribution of the deformation intensity value during the elongation
operation of the model AZ91 magnesium alloy ingot was obtained both in diamond
and trapezoid and flat anvils. The deformation intensity values obtained in the shape
anvils were lower compared to the values obtained in the flat anvils. Slight differ-
ences in the deformation intensity values occurred in the boundary points between
successive relative anvil feeds. However, material from these zones is removed in
subsequent machining steps.

• For deformation of the AZ91 magnesium alloy in hot forging operations, it is recom-
mended to use shaped anvils in the initial stages of the forging formation, while flat
anvils should be used in the final stages of forming. The homogeneity of the deforma-
tion intensity distribution was observed for the following technological parameters:
relative reduction in the range of 25–40%, relative feed 0.8, forging rotation angle 90◦.
The elongation operation was carried out by forging on one side.
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Anna Dziubińska *, Piotr Surdacki and Krzysztof Majerski
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Abstract: This article presents the analysis of the deformability, structure and properties of the
AZ61 cast magnesium alloy on the example of a new forging process of aircraft mount forgings.
It was assumed that their production process would be based on drop forging on a die hammer.
Two geometries of preforms, differing in forging degree, were used as the billet for the forging
process. It was assumed that using a cast, unformed preform positively affects the deformability
of hard-deformable magnesium alloys and flow kinematics during their forging and reduces the
number of operations necessary to obtain the correct product. Numerical analysis of the proposed
new technology was carried out using DEFORM 3D v.11, a commercial program dedicated to
analyzing metal forming processes. The simulations were performed in the conditions of spatial
strain, considering the full thermomechanical analysis. The obtained results of numerical tests
confirmed the possibility of forming the forgings of aviation mounts from the AZ61 cast magnesium
alloy with the proposed technology. They also allowed us to obtain information about the kinematics
of the material flow during forming and process parameters, such as strain intensity distribution,
temperatures, Cockcroft–Latham criterion and forming energy. The proposed forging process on a die
hammer was verified in industrial conditions. The manufactured forgings of aircraft mounts made of
AZ61 magnesium alloy were subjected to qualitative tests in terms of their structure, conductivity
and mechanical properties.

Keywords: magnesium alloys; deformation; hammer forging; aircraft mounts; FEM; industrial
research; structure; mechanical properties

1. Introduction

Lately, an increased interest in magnesium alloys has been noticeable [1–6], especially
in aviation and the automotive industry [7–9]. Decreasing the structure mass has become a
major priority in many branches of the industry. This is why magnesium-based elements
made of light metal alloys are increasingly explored in machine construction [10].

However, magnesium is a reactive metal and very susceptible to corrosion, especially
in environments containing chloride ions, limiting the application area of magnesium
alloys. For this reason, it is necessary to protect the surface of magnesium components by
applying additional paint coatings, conversion coatings or electrochemical coatings, or by
using anodizing processes and vapor deposition of coatings [11–14].

In aviation, a wide range of construction elements is used, e.g., gearbox, engine,
wing, hull plating, door, wheels, landing gear, cockpit panels and seat elements [15].
For example, in Boing 727 c.a. 1200 elements are made of magnesium. As far as the
automotive is concerned, magnesium alloys are used in, among others, producing engines,
bodywork, cylinder head covers, seat and sunroof frames and pedal support brackets
and stems [7,16]. In particular, heat treatment of magnesium alloys is used in aerospace
and automotive applications. This is important because high mechanical properties can
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be achieved for critical aerospace and automotive parts. Annealing, supersaturation and
aging of magnesium alloys are used [2,17–19].

Magnesium alloys are also found in household items. Using magnesium, the density,
of which is 1.74 g/cm3, allows to significantly decrease the product’s weight, even by
30%. The factors limiting the usage of magnesium alloys include low corrosion resistance,
flammability, lower strength, specific forming conditions due to a narrow range of temper-
ature parameters and sensitivity to strain, which results in high-cost of metal forming and
mechanical machining [8,20,21].

The magnesium alloys are the most widely used as-cast alloys [22–25]. This is condi-
tioned by their availability on the market, well-developed casting technology and lower
price. Unfortunately, the quality of the obtained castings in terms of their strength and
functional properties is insufficient due to the occurrence of the following casting defects:
heterogeneity of the structure, coarse grain structure, blisters, porosities, contraction cavi-
ties, femoral stems and other defects, which decrease the durability of the obtained castings.

The necessity of using castings is forced by the low availability of magnesium forgings,
which would significantly increase the mechanical and functional properties of the final
product and decrease the production cost. Despite the beneficial mechanical properties,
using magnesium alloys for forming accounts for only 1% of the annual production of mag-
nesium in the world, which is related to the limited plasticity of these magnesium alloys.

Metal forming of magnesium alloys proves even more difficult due to the narrow range
of temperature parameters and sensitivity to the strain. Therefore, forming magnesium
alloys is carried out in high-temperature on forging machines with low operating speeds
while maintaining isothermal temperature conditions during deformation. Currently, the
few companies that have implemented the technology of forging magnesium alloys on
specialized hydraulic presses with tool heating systems include Otto-Fuchs and Weisensee
Warmpressteile from Germany and KUMZ from Russia.

Some casting alloys are also formed, including by forging [26,27]. This way, products
from castings have better mechanical and functional properties, which results in the
uniformity and fragmentation of the casting structure. Standard shapes of billets available
on the market are used for forging magnesium alloys, and the process is carried out
in isothermal conditions on specialized presses equipped with heating systems. Low
production capacities are caused mainly by the recommended forging technology on
very slow presses, and using complicated heating installations mounted in the tooling
contributes to high production costs and low attractiveness of products compared to,
e.g., aluminum.

The die forging of magnesium alloys on forging equipment, such as forging hammers
without specialized heating systems, would reduce production costs and increase produc-
tivity. Unfortunately, using standard shapes of castings for forging magnesium alloys,
particularly hard-deforming, on traditional hammers does not guarantee correct forgings
without cracks. Often the first cracks inside the material appear during the initial forging
when forging is formed. Further processing of the forgings in the finishing impression
reveals a defect in the form of cracks, which disqualifies the product. The solution to this
problem could be using the ready-made preforms, which are cast to mirror the forgings
as closely as possible. Theoretically, in terms of costs, using preforms obtained by the
casting should be more advantageous than using billets, and consequently, should be an
interesting alternative. In this case, the production process of the charge is shortened by
the operations related to the extrusion of the billets themselves and the initial forging of
the preforms. It seems that such a solution may also have several valuable advantages.
The mechanical properties of the forgings obtained from the billets are comparable for
both technologies, and in many cases, favor those cast due to their low anisotropy. There
are, however, differences in the structure of the forgings made of ingot compared to using
wrought billet forging. The forging made of an extruded billet receives in some sections
a fibrous structure, which results in different values of strength properties depending on
the direction of the fibers in the forging. In some cases, this may be disadvantageous from
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the point of view of the distribution of the mechanical properties in the product. A more
fragmented and homogeneous structure in the entire volume of the product favor forgings
made of cast materials.

It was assumed that using a preform cast as close as possible to the shape of the
forging in the plane of the die division would have a positive effect on the kinematics of
metal flow, especially when deforming less deformable grades of magnesium alloys, which
would allow obtaining a correct product without defects with a more precise shape and
dimensions. By limiting the number of operations needed to produce the forging, greater
material and energy savings can be achieved.

Therefore, it was considered advisable to test this concept and develop new technology
for forging magnesium alloys from cast preforms. The AZ61 magnesium alloy with good
strength properties, which is of interest to the aerospace and automotive industries, was
selected for the study. The article analyses the deformability, structure and properties of
the AZ61 cast magnesium alloy in the form of preforms used in the new hammer forging
process of the forgings of the aircraft mounts.

2. Research Methodology

2.1. Assumptions of the New Technology and Numerical Simulations

The research concentrated on a new forming process of forging an aircraft mount
(Figure 1a) manufactured from a billet in the form of a sand-cast preform from a high-
strength AZ61 grade magnesium alloy. Currently, aircraft mounts presented in Figure 1b
are manufactured by machining from cast elements or by multi-stage forging from wrought
billet [28–31]. This technology is particularly time, labor, and energy-consuming. More-
over, it generates significant material waste, while the quality of the finished product is
low. Among other manufacturing methods, there is a die forging of a wrought billet. In
this method, limits to the usage occur since it is difficult to produce elements from less
plastic magnesium alloys. The process is conducted in many stages (Figure 2a), leaving a
significant stock allowance. Approximately 50% of the forging mass is technological waste
created in several forging operations and numerous heating operations. In the die forging
of mounts from less plastic magnesium alloys, it is often necessary to obtain additional dies
for initial forging. This technology is also very material-, labor- and energy-consuming, as
well as limitedly effective.

(a)          (b) 

Figure 1. 3D models of the forging of aircraft mount from AZ61 alloy (a) and of the finished aircraft mount (b).

It was assumed that in the new process of forging an aircraft mount from AZ61 grade
alloy, the geometry of the preform would be similar to the forging, especially in terms of
the outline in the area of die division. Using a not-wrought preform positively influences
the flow kinematics and deformability of the material during forging. Using a billet with
precise/accurate dimensions in the form of cast preform allows reducing material waste
compared to the process currently used in the industry, that is, forging from an extruded
billet. The process is realized in one forging operation in a finishing die, using typical
forging machines, die hammers and inexpensive tool heating methods (furnace, gas burner).
It is also worth mentioning that using a ready-made cast forging for the forging process
limits the number and duration of operations required for the forging to be obtained, which
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influences the effectiveness and decreases the labor consumption of the process. Elements
subjected to metal forming following the new technology are of better quality, resulting
from a better macro- and microstructure, whereas its surfaces are smoother, which, in turn,
enhance the functional and mechanical properties of the product compared to the ones
made from cast only.

Figure 2. Scheme of the currently applied, multi-stage forging process for high-strength magnesium alloy from an extruded
billet (a) and the new forming process (b).

The numerical analysis of forging the aircraft mount in a hammer from AZ61 grade
alloy was performed using the finite elements method (FEM) in Deform 3D ver. 11.0
software (Scientific Forming Technologies Corporation, Columbus, Ohio, United States).
FEM simulations were conducted with the spatial strain state and applying the full ther-
momechanical model. For the new process, two preforms geometries were designed, with
a more and less significant forging degree, being the ratio of the height of the billet h0 to
the height of the deformed forging. The forgings differ mainly in height and thus in the
degree of forging and the cross-sectional dimensions in the division plane. The degree
of forging, i.e., the ratio of the height of the forging preform to the height of the forging
product for the first variant was hI/h0 = 38.5/28.5 = 1.35, and for the second variant, hII/h0
= 43.5/28.5 = 1.52. The scheme of the geometry of the preforms and the forging is shown
in Figure 3. It was assumed that the new forming process conducted from the cast preform
with a smaller and higher forging ratio would be realized in one forging operation in the
finishing impression. Figure 4 presents an exemplary forging process. It was assumed in
the simulations that the preform-shaped billet is heated to 400 ◦C [32], whereas the die
temperature during the process is constant and equal 250 ◦C [32]. The material was divided
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into 150,000 tetragonal elements. The material model of the AZ61 magnesium alloy cast in
the sand casts was developed based on its own plastometric tests on a DIL 805A/D strain
dilatometer. The plastic strain was introduced to the program in table form and depends
on the temperature in the range 240–440 ◦C, strain rate from 0.01 s−1 to 10 s−1 and strain
values in the range 0–1.

Figure 3. Model 3D of the parts: (a) variant I-preform with a smaller forging ratio, (b) variant II-preform with a higher
forging ratio, (c) forging.

(a)       (b) 

Figure 4. An exemplary process of forging an aircraft mount from AZ61 magnesium alloy, conducted in a die hammer for
the preform with a smaller forging ratio: (a) beginning of the process, (b) end of the process.

The forging process for manufacturing magnesium alloy aircraft bracket is performed
with a hammer described by the impact energy of 36 kJ and the weight of the dropping
part of 1200 kg. The heat transfer coefficient between the workpiece and the environment
was assumed to be 0.03 kW/m2K and between workpiece and tools 4.5 kW/m2K [33].
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The friction conditions between the formed material and the tools were described with
the constant friction model. The friction factor describing the contact between the AZ61
magnesium alloy and steel with graphite lubrication was set to m = 0.24 [34].

2.2. The Material Used for the Tests and the Conditions for the Experimental Tests for Forging of
Aircraft Mounts Forgings

AZ61 magnesium alloy cast into sand molds was used for the experimental tests. The
chemical composition of the AZ61 alloy is shown in Table 1. Preforms form-shaped casts
(Figure 5) were made by NEOCAST Lightweight Metal Technologies (Cracow, Poland). All
castings were subjected to the annealing by heating a furnace to the temperature T = 415 ◦C
in a protective argon atmosphere, heating at T = 415 ◦C for 24 h, and then cooling in air.
The annealing temperature was selected based on testing the hardness and microstructure
of castings annealed at different temperatures.

Table 1. Chemical composition of AZ61 magnesium alloy used in the experiment (wt %).

Al Zn Mn Fe Si Cu Ni Mg

5.8–7.2 0.4–1.5 0.15–0.5 max 0.005 max 0.10 max 0.05 max 0.005 rest

 

 
Figure 5. Cast preforms: (a) lower degree of forging, (b) X-ray of a preform.

The experimental tests of the new process of forming forgings of aircraft mounts from
AZ61 alloy castings were carried out in industrial conditions at ZOP Co. Ltd. FORGING
PLANT (Świdnik, Poland). All forging tests were performed on an MPM 3150 die hammer
(Huta Zygmunt, Poland) (Figure 6a) using a set of dies shown in Figure 7 and the conditions
assumed in computer simulations (Section 2.1). The dies were heated in the furnace to the
temperature of 250 ◦C, and during the tests, their temperature was maintained using gas
burners (Figure 6b). The preforms were heated to the forging temperature of 400 ◦C in a
PEO-A1-type rotary electric furnace with forced air circulation (ELTERMA Świebodzin,
Poland) (Figure 6c). After obtaining the appropriate thermal conditions, the preforms
were forged in a single operation in a finishing impression (Figure 7). Correct forgings of
aviation mounts were trimmed from the flash using a saw and then etched in five baths
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with the parameters presented in Table 2. Then, the forgings were heat-treated in the form
of supersaturation at T = 415 ◦C for 6 h and cooling in water and aging in temperature
T = 175 ◦C for 24 h and cooling in air.

Figure 6. Machines used during tests in industrial conditions: (a) MPM 3150 drop hammer, (b) gas burner, (c) electric
furnace.

Table 2. Conditions in the individual baths used for the etching process.

Bath Conditions

I Warm water, 50–70 ◦C

II Cold water

III Nitric acid aqueous solution HNO3 (around 20–35%)

IV Cold water

V Sodium hydroxide aqueous solution NaOH (around 10%) 50–70 ◦C
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Figure 7. Forging in a finishing impression for a cast preform with a lower degree of forging: (a) start of the process, (b) end
of the process.

2.3. Types of Qualitative Tests Performed for the Formed Forgings

To assess the quality of the formed AZ61 alloy forgings of aircraft mounts obtained
during industrial tests, the structure, electrical conductivity and mechanical properties
were tested. The macrostructure tests were carried out in the cross-section of the mounting
rib (Figure 8) for cast preforms, homogenized cast preforms, forgings after forging as well
as forgings after forging and heat treatment, respectively. First, cross-sections were made,
which were subjected to the process of grinding and polishing. Initially, grinding was
applied on a SiC-coated abrasive disc with a grain size of 400 for 3 min. Then, polishing
with a diamond suspension of 9 μm was applied for 3 min. The next step was polishing
using a diamond suspension with a grain size of up to 3 μm for 3 min. Then polishing
was carried out with colloidal silica with a grain size of 0.05 μm for 3 min. Between each
step, the samples were rinsed substantially with alcohol to counteract surface oxidation.
After the polished sections were made, the samples were etched by immersion and gentle
stirring for 5–15 s in a solution of 100 mL ethanol, 10 mL distilled water, 10 mL acetic acid,
and 5 g picric acid etchant.

Microstructural examinations were carried out using the NIKON MA200 optical micro-
scope (Tokyo, Japan). Quantitative microstructure analysis was performed using Image-Pro
10 software. The analysis was carried out both in the central and near-surface areas of
the samples, as shown in Figure 8. The chemical composition analysis in micro-areas
was carried out by the EDS method using a Phenom ProX scanning electron microscope
equipped with a CeB6 crystal source and an SDD-type EDS detector.

The next performed qualitative tests were tests of specific electrical conductivity. They
were carried out to evaluate the structure of the material after forging and after heat
treatment. Conductivity measurements were made on the metallographic polished sections
analyzed during the microstructure tests. The conductivity of the samples was measured
with a SIGMATEST model 2.069 (Ferster Instruments Incorporated, Pittsburgh, PA, USA).
The measurements were made at an ambient temperature of 21 ◦C.

Strength tests were carried out on samples made of heat-treated cast preforms and on
forgings of mounts. The geometry of the samples and the test procedure were following
ISO 6892-1. A Shimadzu AG-X plus 20KN testing machine (Kyoto, Japan) was used for the
tests, equipped with a longitudinal extensometer to measure deformations and to control
the test speed in the feedback loop. The tests were carried out under controlled conditions
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at 21 ◦C. The speed of the test was variable. In the elastic range, the strain was controlled
using the signal from the extensometer, and the speed was 0.025%/s. In the range of plastic
flow, the traverse displacement speed was 0.9 mm/min.

(a)           (b) 

 

Figure 8. Microstructure test areas, (a) preform, (b) forging.

Hardness measurements were made using the Vickers method with the Future-tech
FM800 hardness tester (Future-Tech Corporation, Kawasaki, Japan). Measurements were
made on the HV0.5 scale following PN-EN ISO 6507-1: 2006

3. Results and Discussion

3.1. Results of Numerical Simulations

The theoretical analysis results confirmed the possibility of forming the forging of the
aircraft mount from AZ61 magnesium alloy from cast preforms of an assumed geometry.
Figure 9 shows the correct shape of the forging from the FEM simulation. The formed
elements are correct in shape, which confirms the proper design of the process and good
deformability of the cast AZ61 magnesium alloy under the assumed temperature conditions
and the assumed geometry of the preforms.

Figure 9. FEM-simulated shape of aircraft bracket forging: (a) top, (b) bottom.

The numerical analysis results also provided information on the important parameters
of the process, such as strain intensity, distribution of temperature and Cockcroft–Latham
damage criterion and the forming energy. The distribution of the effective strain in the
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formed forging of the aircraft mount is shown in Figure 10. It can be observed that in
both of the formed forgings (with smaller and higher forging degrees), the distribution
of effective strain is similar and heterogeneous in the entire product. The highest values
of this parameter occur in the surface areas of the bottom of the forging and in the flash,
which is typical for die forging processes and for hammer forging.

Figure 10. Distribution of the effective strain in the cross-section of the AZ61 aircraft mount: (a) lower degree of forging–top
of the forging, (b) a higher degree of forging–top of the forging, (c) lower degree of forging–bottom of the forging, (d) higher
degree of forging–bottom of the forging.

Additionally, the distribution of temperature in the formed forgings (Figure 11) was
analyzed. It can be observed that in the areas of high strain, temperatures exceeding 410 ◦C
occur for a preform of a lower degree of forging and around 420 ◦C for the other version of
the preform. It is a typical distribution of those parameters in the die forging processes and
does not negatively influence the quality of the products as the flash is removed. In other
areas, temperatures do not exceed 400 ◦C.

Along with the analysis of the parameters discussed above, the risk of cracking in
the forging was researched. For the theoretical analysis of this phenomenon, the Cockroft–
Latham (C–L) failure criterion [35] in a modified form implemented in the Deform 3D
program. This program determines the places at risk of cracking based on this criterion
expressed by the formula:

εp∫
0

σmax

σH
dε = C1 (1)

where σmax-maximum principal stress, σH-equivalent stress according to Huber’s hypothe-
sis, ε-strain intensity, C1-integral value.

The C-L criterion assumes that when the work done by tensile stresses in uniform
tension reaches a certain critical value C1 = CCL, plastic fracture of the material occurs.
The results are shown in Figure 12. The distribution of the Cockcroft–Latham damage
criterion indicates that the highest risk of cracking is on the circumference of the flash.
This phenomenon remains following the industrial practice for hard-deformable materials,
that is, among others, the AZ61 alloy. For this reason, radial cracks often occur on the
circumference of the flash.
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Figure 11. Distribution of temperature in the cross-section of the AZ61 aircraft mount: (a) lower degree of forging–top of
the forging, (b) higher degree of forging–top of the forging, (c) lower degree of forging–bottom of the forging, (d) higher
degree of forging–bottom of the forging.

Figure 12. Distribution of the Cockcroft–Latham damage criterion in the axial section of the AZ61 aircraft forging: (a) lower
degree of forging–top of the forging, (b) higher degree of forging–top of the forging, (c) lower degree of forging–bottom of
the forging, (d) higher degree of forging–bottom of the forging.

FEM analysis allowed to determine the forming energy (Figure 13) occurring during
forging in the die hammer in a finishing die from two designed preforms. The maximum
energy needed to obtain the forging from the first (smaller) variant was approximately
21 kJ, and for the second variant, approximately 27 kJ. This justifies the conclusion that the
hammer on which the process was carried out was appropriately selected.
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Figure 13. Scheme of the forging energy of the AZ61 aircraft mount forging for the two analyzed
preforms.

Table 3 shows the comparative analysis performed in volume and material losses of
forging from cast preforms with the technology of forging from an extruded rod. Forming
the mount forgings from cast preforms was characterized by lower material consumption
by about 47% for variant I and about 18% for variant II compared to the currently used
forging technology directly from the rod.

Table 3. Comparison of the volume and material losses of forging from cast preforms with the technology of forging from
an extruded rod.

Volumes and Material Loss
Analyzed

Forging
Billet in the Form of

Extruded Rod
Billet in the Form of

Cast Preform Variant I
Billet in Form of Cast

Preform Variant II

Volume (mm3) 156,638.4 254,469 208,720.74 237,770.5

Volume of flash (mm3) 97,830.6 52,082.34 81,132.1

Material loss (%) 62.5 33.3 51.8

Decrease in material loss (%) 47 18

3.2. The Results of Experimental Tests

The results of experimental tests carried out in industrial conditions confirm the good
deformability of the AZ61cast magnesium alloy and the possibility of producing aircraft
mounts from both geometry variants of the cast-shaped preforms. Figures 14 and 15
show the forgings obtained for both variants of the preforms: a lower degree of forging
(Figure 14) and a higher degree of forging (Figure 15). After the visual inspection of the
forgings obtained after trimming the flash and etching (Figures 14b,c and 15b,c), no laps or
other surface defects were found, proving that the correct products were obtained.
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Figure 14. Forging obtained for a preform with a lower degree of forging (variant I): (a) after forging, (b) top view after
trimming, (c) bottom view after trimming.

 

Figure 15. Forging obtained for a preform with a higher degree of forging (variant II): (a) after forging, (b) top view after
trimming, (c) bottom view after trimming.

3.3. The Results of Qualitative Research

Figures 16 and 17 show the reference area of the preform variant I cross-section; (a)
as-cast, (b) homogenized, used to analyze the chemical composition in micro-areas. The
figure shows the points where the microanalysis was performed. The measurement results
are summarized in Table 4.
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Figure 16. Reference second area of analysis marked on Figure 8 of the cast preform variant I
cross-section used to analyze the chemical composition in micro-areas.

Table 4. Results of microanalysis of chemical composition by EDS method.

Scheme 1 Area Element
Measurement Number Mean (Weight

Conc.)1 2 3

Preform variant
I as-cast

αMg matrix

Mg 89.45 89.33

-

89.39

Al 7.38 7.09 7.24

Zn 3.17 3.58 3.38

β-Intermetallic

Mg 52.34 52.32

-

52.33

Al 31.22 30.94 31.08

Zn 16.44 16.74 16.59

Eutectic

Mg 49.95 54.84

-

52.40

Al 30.91 28.44 29.68

Zn 19.14 16.72 17.93

Preform variant
I as-castafter ho-
mogenization

Homogenized
matrix

Mg 91.42 92.07 91.96 91.75

Al 7.08 6.39 6.44 6.64

Zn 1.50 1.55 1.61 1.55
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Figure 17. Reference second area of analysis marked on Figure 8 of the cast preform variant I
cross-section after homogenization used to analyze the chemical composition in micro-areas.

The microanalysis results indicated a significant heterogeneity of the chemical compo-
sition of the preform in the as-cast state, which was characteristic of this type of alloy. Three
basic regions were distinguished, regions of different composition: the zone of Mg solid
solution with low content of alloying additives, precipitations of the intermetallic phase
(most likely Mg17Al12) and eutectic regions. As a result of the homogenization process,
the chemical composition became homogeneous and was close to the nominal one over the
entire tested cross-section.

Based on studying the microstructure of the cast preforms in their raw state, the
structures shown in Figures 18–21 were obtained.

All raw castings had a homogeneous structure throughout the tested cross-section.
This structure was characteristic of this as-cast alloy and was dendritic. It consisted of chain
precipitates of intermetallic phased, most of which were β phase (Mg17Al12) surrounded by
eutectic precipitated. The alloy matrix was a solid solution of αMg. After homogenization
of the castings, grain growth was visible, with the dissolution of most of the precipitates in
the alloy matrix.
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(a) (b) 

Figure 18. Microstructure for the cast preform, variant I: (a) first area of analysis marked on Figure 8, (b) second area of
analysis marked on Figure 8.

  
(a) (b) 

Figure 19. Microstructure for the cast preform, variant I after the homogenization process: (a) first area of analysis marked
on Figure 8, (b) second area of analysis marked on Figure 8.

  
(a) (b) 

Figure 20. Microstructure for the cast preform, variant II: (a) first area of analysis marked on Figure 8, (b) second area of
analysis marked on Figure 8.
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(a) (b) 

Figure 21. Microstructure for the cast preform, variant II after the homogenization process: (a) first area of analysis marked
on Figure 8, (b) second area of analysis marked on Figure 8.

Figures 22–25 show the microstructures for forgings of aircraft mounts obtained in the
forging process with a die hammer.

(a) (b) (c) 

Figure 22. Microstructure for the forging obtained from the preform I: (a) first area of analysis marked on Figure 8, (b) second
area of analysis marked on Figure 8, (c) third area of analysis marked on Figure 8.

(a) (b) (c) 

Figure 23. Microstructure for the forging obtained from the preform II: (a) first area of analysis marked on Figure 8,
(b) second area of analysis marked on Figure 8, (c) third area of analysis marked on Figure 8.
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(a) (b) (c) 

Figure 24. Microstructure for the forging obtained from preform I after forging and heat treatment: (a) first area of analysis
marked on Figure 8, (b) second area of analysis marked on Figure 8, (c) third area of analysis marked on Figure 8.

(a) (b) (c) 

Figure 25. Microstructure for the forging obtained from preform II after forging and heat treatment: (a) first area of analysis
marked on Figure 8, (b) second area of analysis marked on Figure 8, (c) third area of analysis marked on Figure 8.

After the preform of the first variant was hammered, the microstructure had a signifi-
cantly finer grain both in the central zone and near the surface. In the third area, with the
highest intensity of deformation, the grain was the finest. The grain size was relatively
uniform (for AZ61 magnesium alloy). The twin deformations were visible.

In the case of forging a higher preform (second variant), the situation was analogous.
The greatest grain refinement occurs in the third area, and in areas 1 and 2, the grain sizes
were less homogeneous compared to the lower preform. However, the difference was
not significant. The grain size differences were acceptable. The shape of the grains in
all studied areas indicated that the processes of dynamic recovery and recrystallization
were significantly advanced. When comparing the structural homogeneity obtained in the
considered variants of the preforms, it should be noted that, although the most favorable
microstructure was obtained for area 3 of the preform II, the differences in individual areas
were smaller in the case of the I variant preform. This may indicate that a high degree
of forging promotes fragmentation and homogeneity. However, the differences in the
individual areas indicate that the distribution of deformations in the II variant forging was
less homogeneous.

Figures 24 and 25 show the microstructures of the forgings after forging and heat
treatment.

After heat treatment, the grain regrowth was noticed. However, it was not as signifi-
cant as after homogenization. Lenticular secondary precipitated were visible (discontinu-
ous). In all areas, the grain size was similar, and its shape was regular.

A quantitative assessment of the microstructure was carried out in the areas analyzed
on the surface of preforms and forgings. Table 5 summarizes the average values of the
grain size in individual areas marked in Figure 8.
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Table 5. Average grain size in the studied areas marked in Figure 8.

Sample
Mean Grain Size [μm2] in Area:

1 2 3

Preform I as-cast 5300.6 - -

Preform I after homogenization 2849.6

Forging I 159.1 140.7 61.2

Forging II 108.8 101.1 25.3

Forging I heat-treated 1676.9 1216.6 561.3

Forging II heat-treated 793.3 1169.7 315.9

The as-cast grain size was significant, mainly due to undeveloped grain boundaries
in the dendritic structure. The grain was still relatively large after homogenization. As
a result of forging, the grain broke down, and due to recrystallization, the average grain
size dropped significantly, especially in areas with high deformation value (3 area), as
indicated by the results of numerical simulations. For the variant with a higher degree of
deformation, the average grain size was smaller in all areas.

The use of heat treatment increased the grain size in all areas, particularly for variant
I. The obtained results indicate that using high deformation values had a positive effect on
the microstructure obtained at the end of the process.

Figures 26–30 show grain surface distributions for the analyzed areas marked in
Figure 8.

The analysis of the grain size distribution in individual areas showed that in most
cases, the smallest grains were the most numerous group and that there were single grains
of a much larger size. In the case of forged samples, for variant I in areas 1 and 2, most of
the grains had a surface area below 100 μm2, and for area 3, below 60 μm2. For variant II in
areas 1 and 2, the values were analogous, and in area 3, most of the grains were smaller than
40 μm2. After the heat treatment, the grain size increased and the differences in grain size
in the individual areas reduced. Table 6 presents the results of measurements of the specific
conductivity of the examined metallographic polished sections. The obtained resulted
prove that after carrying out the heat treatment process in the form of homogenization
on castings, the values of electrical conductivity decrease. Consequently, the increase
in conductivity after the forging process from preforms could be detected. The highest
conductivity for the considered variants of the process was shown by forgings after the
forging and heat treatment, which verified that the heat treatment was carried out correctly.

(a)          (b) 

 

Figure 26. Grain surface distributions for the analyzed areas marked in Figure 8: (a) preform I as-cast in area 1, (b) preform
I after homogenization in area 1.
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Figure 27. Grain surface distributions for the analyzed areas marked in Figure 8: (a) forging I area 1, (b) forging I area 2
(c) forging I area 3.

Figure 28. Grain surface distributions for the analyzed areas marked in Figure 8: (a) forging II area 1 (b) forging II area 2
(c) forging II area 3.
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Figure 29. Grain surface distributions for the analyzed areas marked in Figure 8: (a) forging I heat-treated area 1, (b) forging
I heat-treated area 2, (c) forging I heat-treated area 3.

Figure 30. Grain surface distributions for the analyzed areas marked in Figure 8: (a) forging II heat-treated area 1, (b) forging
II heat-treated area 2, (c) forging II heat-treated area 3.
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Table 6. Results of specific conductivity s measurements and average grain diameter.

Sample
Measurement Number Mean

(MS/m)
Standard
Deviation1 2 3

Preform I after casting 8.17 8.12 8.4 8.22 0.15

Preform I after homogenization 7.46 7.39 7.46 7.43 0.04

Forging I after forging 8.39 8.52 8.39 8.43 0.07

Forging I after forging and heat
treatment 9.05 8.58 9.01 8.88 0.26

Preform II after casting 9.01 9.92 8.97 8.99 0.09

Preform II after homogenization 7.86 7.76 7.80 7.80 0.05

Forging II after forging 8.28 8.62 8.00 8.30 0.31

Forging II after forging and heat
treatment 9.05 9.10 8.97 9.04 0.06

Figure 31 shows example curves obtained during the static tensile test on the testing
machine of samples made of AZ61 alloys. The analysis of the curves obtained in the
static tensile test showed that the samples made of castings and subjected to the heat
treatment process showed the smallest plasticity and tensile strength. The forgings after
heat treatment were characterized by much higher strength and elongation. There were no
significant differences between the samples forged using the lower and the higher preforms.
The minimally higher values were in forging forged from a preform with a higher degree
of forging.

 

Figure 31. Example curves obtained during the static tensile test of samples made of AZ61 alloys.

Table 7 shows the results of measuring the hardness of samples made of AZ61 magne-
sium alloy for each of the tested variants. The hardness measurements show that in the
case of AZ61 alloy, there was a slight but noticeable decrease in hardness after homog-
enization. As a result of forging, the hardness was increased to slightly lower than that
of the casting. After thermal treatment, the hardness of the alloy increased significantly.
No noteworthy differences were observed between the hardness of castings with different
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geometries (preform I and preform II) when using different billet. Finally, the hardness of
the hammer-forged forgings of the second variant turned out to be the highest.

Table 7. Results of hardness measurement for samples made of AZ61 alloy.

Sample
Measurement Number Mean

(HV05)
Standard
Deviation1 2 3

Preform I after casting 65.1 71.2 67.5 69.9 2.5

Preform I after homogenization 56.2 54.7 55.5 55.5 0.6

Forging I after forging 62.6 62.2 64.2 63.0 0.9

Forging I after forging and heat
treatment 73.6 74.4 72.1 73.4 1.0

Preform II after casting 68.6 69.1 67.3 68.3 0.08

Preform II after homogenization 52.2 56.7 57.4 55.4 2.3

Forging II after forging 62.1 65.5 63.1 63.6 1.4

Forging II after forging and heat
treatment 77.7 73.9 74.9 75.5 1.6

4. Summary and Conclusions

Based on the analyses conducted, the following conclusions were formulated:

• The objective of this study was to investigate the formability of AZ61 cast magnesium
alloy using the example of an innovative technique for producing forging of aircraft
mounts by hammer forging from cast preforms. The numerical and experimental
results demonstrate that AZ61 cast magnesium alloy in sand molds has good forma-
bility in the hammer die forging process, and the proposed new forging method is a
viable way of producing forgings of aircraft mounts with the required shape. The new
method ensures considerable material and energy savings and higher properties of
the product than previously applied techniques, consisting of forming aircraft mounts
only from casts by machining operations.

The developed new technology of forging from preforms assumes greater production
efficiency due to the shortening of the time of forging in one forging operation compared
to the multi-stage forging from the extruded rod used in the industry.

• Structural studies have shown that the material’s structure undergoes substantial
evolution at different stages of the process. Homogenization results in obtaining a
consistent initial structure for the die forging process. After forging, significant grain
refinement was observed, which is not uniform throughout the forging volume, but
the grain size differences are perfectly acceptable. Further heat treatment makes the
grain sizes and shapes uniform and allows the alloy to be strengthened by secondary
precipitation. The conducted tests and conductivity analysis confirm the observed
evolution of the material’s microstructure during the process. The detected decrease
in hardness promotes forming, while its significant increase after heat treatment has a
positive effect on the performance of forgings. Small differences in the values obtained
for variants I and II may result, first of all, from the different cooling kinetics of
castings with different volumes and the different degree of forging. Finally, variant
II has higher mechanical properties and conductivity, but the differences are small.
Comparing the maximum values of the strength and hardness properties of the new
forging technology from forgings to the traditional rod forging technology, they are as
follows: new technology-Rm = 250 MPa, HV = 75.5; bar forging-Rm = 292 MPa, HV =
65.7 [35].

• Lightweight magnesium alloys belong to the group of construction materials con-
sidered key importance for the future. Therefore, it is necessary to conduct further
research developing the technique for manufacturing magnesium alloy products using
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forging hammers that have significantly higher output capacity than hydraulic presses.
The positive results of previous studies on the hammer forging process from AZ61
magnesium alloy-shaped cast preforms prove that the research should be continued
for other workable magnesium alloys.
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29. Kuczmaszewski, J.; Zagórski, I.; Dziubińska, A. Investigation of Ignition Temperature, Time to Ignition and Chip Morphology

after the High-Speed Dry Milling of Magnesium Alloys. Air. Eng. Aerosp. Technol. 2014, 88, 1–11. [CrossRef]
30. Matuszak, J.; Zaleski, K. Edge states after wire brushing of magnesium alloys. Air. Eng. Aerosp. Technol. 2014, 86, 328–335.

[CrossRef]
31. Nars, M.N.A.; Outeiro, J.C. Sensitivity Analysis of Cryogenic Cooling on Machining of Magnesium Alloy AZ31B-O. Proc. Cirp

2015, 31, 264–269.
32. Gontarz, A.; Drozdowski, K.; Dziubinska, A.; Winiarski, G. A study of a new screw press forging process for producing aircraft

drop forgings made of magnesium alloy AZ61A. Air. Eng. Aerosp. Technol. 2018, 90, 559–565. [CrossRef]
33. Palaniswamy, H.; Ngaile, G.; Altan, T. Finite element simulation of magnesium alloy sheet forming at elevated temperatures. J.

Mater. Proc. Technol. 2004, 146, 52–60. [CrossRef]
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Abstract: The article discusses the impact of hot forging elongation operations on the closure of met-
allurgical discontinuities such as middle porosity in selected magnesium alloys (AZ91) depending on
the shape of the input used. Numerical modeling was carried out using the Forge®NxT 2.1 program
based on the finite element method and laboratory modeling in order to bring about the closure of
defects of metallurgical origin in deformed forging ingots. On the basis of the conducted research,
optimal values of the main technological parameters of forging and appropriate groups of anvils to
be used in individual stages of forging were proposed in order to eliminate metallurgical defects.

Keywords: magnesium alloy AZ91; physical modeling; forging; closure of discontinuities

1. Introduction

The search for lightweight construction materials characterized by favorable strength
parameters is still a leading topic among the scientific community. In the current political
and economic situation, with turbulence in the energy market, reducing the weight of cars
and fuel consumption and reducing the impact of greenhouse gases emitted by cars is an
important element for consumers [1–3]. Magnesium alloys, as the lightest construction
materials and showing good heat dissipation and vibration damping, are gaining and
finding more and more applications in the automotive industry [4–12]. A large number of
magnesium alloy products are obtained mainly in extrusion and stamping processes, less
often in rolling and forging processes. We should pay attention to forged products made
of magnesium alloys due to their homogeneous microstructure and improved mechanical
properties compared with cast alloy elements. Designing forging technology requires
a comprehensive approach to the research problem posed. High variability of shaping
parameters such as: temperature; sequence of operations and technological treatments,
for example, turning the material and applying deformations using anvils during forging
elongation operations; values of applied reductions; relative feed values; deformation speed;
and shape-dimensional parameters of the working surfaces of anvils makes obtaining
forgings made of high-quality magnesium alloys with a homogeneous microstructure
throughout the whole volume an extremely difficult matter. Due to the hexagonally
compact crystallographic structure, magnesium alloys have limited plasticity and poor
deformability at ambient temperature. The correct implementation of the free-forging
process in flat and shaped anvils of selected magnesium alloys allows obtainment of a
product with satisfactory final properties [13,14]. Shaping products by forging methods
provides a method to close metallurgical discontinuities formed at the stage of production
of the input material. In the case of forming high-quality products, especially in terms of
the absence of metallurgical discontinuities, the application of the lengthening operation
is, according to the authors, an innovative method of charge preparation, which enables
their liquidation. The elongating operation in flat anvils creates such a state of stress that
favors the welding of metallurgical discontinuities. The analysis of methods of closing
metallurgical defects in the cross-section of forgings is presented in the works [15–21],
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where it was shown that the closure of metallurgical defects in deformed forgings is
influenced by the main parameters of the forging process, such as reduction, relative feed,
charge temperature, and the shape and dimensions of anvils.

2. Test Objective and Scope

The aim of the study was to investigate the influence of elongation operations on the
closure of metallurgical discontinuities of the middle porosity type depending on the shape
of the applied input.

In order to realize the aim of the work set out in this way, the authors proposed that
hot forging elongation operations should be carried out using flat anvil assemblies.

In order to achieve the goal of the proposed work, numerical studies of elongation
operations in flat anvil assemblies for two geometric shapes of samples were carried out.

Modeling of elongation operations was performed using Forge®NxT 2.1 based on
FEM, which allows tracking changes in temperature distributions, hydrostatic pressure,
and strain intensity in the plastically processed magnesium alloy AZ91. The distributions
of temperature values, hydrostatic pressure, and strain intensity over the cross-section of
the deformed alloy after each forging pass were determined.

During tests of forging elongation operations, the results of plastometric tests on a
given AZ91 alloy were used, on the basis of which stress–strain dependence diagrams of
the actual alloy were developed and the coefficients of the plasticizing stress function were
selected [13,14]. The ranges of deformation, deformation speed, and temperature changes
during the theoretical research were assumed on the basis of the characteristics of forging
machines used in real forging processes, and on the basis of literature data and the authors’
own research carried out at the Department of Plastic Processing and Safety Engineering of
the Czestochowa University of Technology [13–26].

In order to compare the results of numerical modeling with the actual laboratory pro-
cess, the samples were deformed using the Gleeble 3800® metallurgical processes simulator.
On the basis of the conducted research, an analysis of the influence of the geometric shape
of the input on the welding of the modeled internal metallurgical discontinuity of the
middle porosity type was carried out. Physical verification of the numerical model was
also carried out to determine the structure of the forged magnesium alloy AZ91 in the
discontinuity modeled zone and a comparison of this structure with the discontinuity zone.

The results of the tests should contribute to improving the structural and mechanical
properties of AZ91 alloy bars through the appropriate selection of the shape of the feedstock.

3. Materials and Methods

The material chosen for the tests was magnesium alloy AZ91 with a chemical compo-
sitions as provided in Table 1.

Table 1. Chemical composition of the investigated alloy [%].

Alloy Zn Al Si Cu Mn Fe Ni Mg

AZ91 0.59 8.98 0.05 0.006 0.23 0.013 0.003 R

4. Methodology of Numerical Research

The elongation operation in flat anvils of four samples made of magnesium alloy AZ91
was analyzed. Two samples were in the shape of a cube measuring 10 × 10 × 10 mm,
and two more were in the shape of a cylinder with a diameter of 10 mm and a length of
10 mm. In two samples of different shapes, an axial internal discontinuity was modeled by
making a hole in the axes of the samples with a diameter of 2 mm equal to their length. For
the purposes of numerical modeling, the sample model was made in the AutoCad 2009®

computer program and the designed discontinuity was treated as the difference in volume
between the sample and the discontinuity.
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To model the elongation operation, a commercial computer program on PC FORGE®NxT
2.1 was used, which is a product of Transvalor Solution, based on the finite element method
(FEM) [27]. This program allows for thermomechanical simulation of, among others,
plastic processing. A detailed description of temperature, energy, strain, and deformation
functions as well as thermomechanical and friction laws, used during the calculations, can
be found in the papers [13,14,16]. Calculation of thermal properties was made by using the
Galerkin equation, while the strengthening curves were approximated by the Hensel–Spittel
equation [28]. In the paper, to simulate the elongation operation, a thermo-viscoplastic
model of the deformed body, which is based on the theory of large plastic deformations,
was used. To generate the grid of finite elements, tetrahedral elements with the base of
triangles were used. In the generated model input, the number of nodes equal to 3369 was
used for simulation, while the number of tetrahedral elements adopted for the simulation
was 30,084. In addition, in the axial area where there was a modeled discontinuity due to
the mesh compaction tool in the program, 9116 nodes were generated, which accounted
for 58,726 elements. This was done in order to increase the accuracy of calculations and to
more accurately illustrate the mechanism of discontinuity welding, which then affected the
accuracy of the obtained results and the subsequent analysis of these results. The value
of the coefficient of friction between the surface of the anvils and the deformed rod was
determined to be μ = 0.3 according to Coulomb’s law. It was assumed that the heat transfer
coefficient between the anvils and the material is h = 10,000 W/m2K, while the heat transfer
coefficient between the metal and the environment is equal to h = 10 W/m2K. The ambient
temperature was assumed to be equal to 20 ◦C, while the temperature of the anvils was
equal to 300 ◦C. The initial temperature of the input before the elongation operations in
its entire volume was assumed to be the same and equal to 400 ◦C. The feed speed of the
upper anvil was equal to v = 8 mm/s, while the lower anvil was assumed to be stationary
in all forging passages for all four samples. During numerical modeling, all four samples
were deformed with a relative reduction of 35%, then rotated clockwise by an angle of
90◦ and deformed again with a reduction in the same value. The same boundary and
initial conditions were assumed during physical modeling carried out in the Gleeble 3800®

metallurgical processes simulator.

5. Analysis of Distributions of Temperature Values, Effective Strain, and Hydrostatic
Pressure during the Elongation Operation of a Circular Sample

The results of the tests concerning the distribution of temperature values, effective
strain, and hydrostatic pressure values during the elongation operation of samples with a
circular cross-section made of magnesium alloy AZ91 are shown in Figures 1–11.

The data in Figure 1 show that in the axial zone of the sample, the temperature
after deformation was 386 ◦C, it is a decrease of 14 ◦C compared with the initial forging
temperature, which is 400 ◦C. In the areas to the right and left of the sample, the temperature
was much higher at 388 ◦C. The material flowed freely in these zones, unrestricted by the
working surfaces of the anvils, and despite contact with the environment at the assumed
temperature of 20 ◦C, it did not cool significantly due to a large deformation work, which
influenced maintaining the temperature close to the initial temperature. In the upper and
lower part of the sample, along the y-axis, there was a temperature drop of 10 ◦C from the
initial temperature. This was the result of heat transfer to the anvils, which were heated
before being deformed to 300 ◦C. The anvils were heated to such a temperature that the
heat flow from the sample toward the working surfaces of the anvils was not significantly
large. In the actual conditions of industrial forging, the anvils are heated to a temperature
range of 200–300 ◦C before the elongation operation, so that the forged material does not
cool down too quickly in subsequent forging transitions. The first anvil transition is not
heated because it maintains its temperature due to the flow of heat from the deformed
material in subsequent transitions.
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Temperature, °C 

 

Figure 1. Distribution of temperature values on the surface of the cross-section of the sample with
modeled discontinuity—after deformation with 35% reduction.

By analyzing the data presented in Figure 2, it can be stated that after rotating the
sample by 90◦ and deforming again with a relative reduction of 35%, in the middle part
of the sample along the x axis there was a temperature drop of 26 ◦C from the initial
temperature. Despite the large work of deformation caused by the significant reduction,
the temperature drop was due to the longer duration of the second forging transition. The
longer duration of the second forging transition was associated with the rotation of the
sample by an angle of 90◦. In the zones of the material lying under the working surfaces of
the anvils, a temperature equal to 367 ◦C was recorded, this is a decrease of 33 ◦C from the
temperature at the beginning of forging process.

Temperature, °C 

 
Figure 2. Distribution of temperature values on the surface of the cross-section of the sample with
modeled discontinuity after rotation by 90◦ and re-deformation with 35% reduction.

Figures 3 and 4 compare the distributions of the effective strain after deformation of the
sample with the modeled discontinuity (Figure 3) and without the modeled discontinuity
(Figure 4). The data presented in these figures show that in the axial zone of the sample with
modeled discontinuity, there was a disturbance in the deformation intensity distribution.
This was due to the intensification of deformations within the welded discontinuity. The
shape of the welded discontinuity (the hole inside the cylinder-shaped sample) influenced
the different nature of the metal flow in the zone of its occurrence; it was related to different
directions of the friction and pressure force vectors, which were initiated by a change in
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the geometric shape of the welded discontinuity during the growing reduction that occurs
during deformation. In the sample without discontinuities (Figure 4) this phenomenon
was not observed, only the external shape of the deformed sample and the shape of flat
anvils, which forced such and no other flow of the deformed alloy, were responsible for the
directions of the vectors of friction forces and pressure. The deformation intensity values in
the axial zone of the sample with discontinuity (Figure 3) ranged from 1.20 to 1.50, and in
the same zone in the sample without discontinuities (Figure 4) were within the range of
0.70–0.90. In other zones outside the area of occurrence of the welded discontinuity in both
cases, the distribution of the deformation value was of the same nature and its value was in
the range of 0.19–0.62.

Effective strain 

Figure 3. Distribution of the effective strain values on the surface of the cross-section of the sample
with modeled discontinuity after deformation with 35% reduction.

Effective strain 

Figure 4. Distribution of the effective strain value on the surface of the cross-section of the sample
without the modeled discontinuity after deformation with 35% reduction.

By analyzing the data in Figures 5 and 6, it can be stated that the distributions of the
hydrostatic pressure values do not show such intense changes in the metal flow in the
discontinuity zone compared with the sample without discontinuities (Figures 3 and 4).
There is a difference in the axial zones of both samples, but the difference is not significant
and amounts to 17 MPa. In other sample zones, the distribution of hydrostatic pressure
values is the same, which indicates that the welded discontinuity in the axial zone does not
affect the metal flow in the other zones of the deformed sample.
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Pressure, MPa 

 

Figure 5. Distribution of hydrostatic pressure values on the surface of the cross-section of the sample
with modeled discontinuity—after deformation with 35% reduction.

Pressure, MPa 

Figure 6. Distribution of hydrostatic pressure values on the surface of the cross-section of the sample
without modelled discontinuity—after deformation with 35% reduction.

Based on the data shown in Figure 7, it can be stated that in the sample of the magne-
sium alloy AZ91 within the welded discontinuity, there is a different nature of the effective
strain distribution. In the areas located on the right and left side of the discontinuity, there
are large values of effective strain of the order of 1.50, and in the further distance, the
values are in the range of 0.91–1.20. The data presented in Figure 7 show that the effective
strain values reach the maximum values and these are compressive deformations. In the
areas located in the upper and lower part of the welded discontinuity, the effective strain
values are small and fluctuate in the range of 0.33–0.62, these are tensile deformations.
In order to completely weld discontinuities, it is important to select the main technologi-
cal parameters of forging operations and a shape of dies or anvils to ensure the greatest
possible intensification of compressive deformations within the welded discontinuities
during the deformation of forgings. Within the welded discontinuity, such a distribution
of effective strain is undesirable where tensile deformations prevail. Such a deformation
distribution blocks the process of welding discontinuities in forging processes and therefore
the final product will settle defects in the form of unwelded discontinuities of the middle
porosity type.
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Effective strain 

 

Figure 7. Distribution of effective strain values within the modelled discontinuity at a 20% reduction.

Figure 8 shows the distribution of hydrostatic pressure around the welded discontinu-
ity during sample deformation at a reduction of 20%. The presented data show that in the
areas on the right and left side of the welded defect, there is a high hydrostatic pressure
with values from 83 to 117 MPa—these are compressive stresses. However, there is no
hydrostatic pressure in the areas above and below the welded discontinuity. There are
tensile stresses of 50 MPa, which is 50% lower than the values of compressive stresses (right
and left side, 117 MPa). This distribution of hydrostatic pressure values is advantageous
in terms of discontinuity welding. Equalization of the values of tensile and compressive
stresses or higher values of tensile stresses in the welded discontinuity zone block their
welding, therefore discontinuities in the final product in the form of middle porosity remain.

Pressure, MPa 

 

Figure 8. Distribution of hydrostatic pressure values within the modeled discontinuity at a
20% reduction.

Figure 9 shows an axonometric projection of a deformed sample with 35% reduction
with a completely unheated discontinuity visible inside. A view of this discontinuity is
shown due to the fact that in the figures showing the surface of the transverse cross-sections,
this discontinuity is poorly visible. The presented discontinuity is not welded because the
applied reduction was insufficient. The use of larger reductions was impossible because
it is known from forging practice that the use of one-time reductions above 35% causes
cracks in materials along the axis of deformed forgings.
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Figure 9. View of an unheated fully modeled discontinuity intended to simulate the central porosity
inside a circular sample deformed with 35% reduction.

By analyzing the data in Figure 10, it can be stated that in the axial zone of the
deformed sample and in areas slightly distant from the axial zone, the effective strain
values were large and amounted to 1.50. During the second reduction, after prior rotation
of the sample by 90◦, the axial discontinuity was completely welded due to the high
intensity of deformations occurring in this zone. In the area outside the axial zone of the
deformed sample, different values of effective strain were recorded, ranging from 0.04
to 0.77.

Effective strain 

 
Figure 10. Distribution of the effective strain values on the surface of the cross-section of the sample
with modeled discontinuity after rotation by 90◦ and re-deformation with 35% reduction.

The analysis of the data in Figure 11 shows that in the axial zone of the deformed
sample, after the second reduction, the hydrostatic pressure values were in the range
of 50–67 MPa and it was high enough to lead to complete welding of the discontinuity
occurring there. In the area outside the axial zone, the hydrostatic pressure values were
very small, and in some small areas, there was no hydrostatic pressure.

400



Materials 2022, 15, 7465

Pressure, MPa 

Figure 11. Distribution of hydrostatic pressure on the surface of the cross-section of the sample with
modeled discontinuity after rotation by 90◦ and re-deformation with 35% reduction.

6. Distributions of Temperature, Effective Strain, and Hydrostatic Pressure Values on
the Surface of the Cross-Section of the Deformed Sample with a Square Cross-Section
Made of AZ 91 Magnesium Alloy

The test results on the distribution of temperature values, effective strain, and hy-
drostatic pressure values during the elongation operation of the AZ91 magnesium alloy
square sample with modeled axial discontinuity are presented in Figures 12–17. The data
obtained during the elongation of a sample with the same cross-section without the mod-
elled discontinuity were not presented because the obtained data were identical to the data
for a sample with discontinuity. This was due to the fact that for a sample with a square
cross-section, a total discontinuity welding was obtained after the first final bend of 35%,
so there were no differences in the nature of the obtained distributions.

The data in Figure 12 shows that in the middle area lying along the x-axis of the
deformed sample, the temperature value was 378 ◦C and was lower by 22 ◦C than the
initial value. In the tool–material contact zones, the temperature value was 371 ◦C. It is
worth noting that after the first forging transition in a sample with a circular cross-section
(Figure 1), the temperature drops were lower and amounted to about 15 ◦C and thus, in
the axial zone, the drop was 14◦, and at the point of contact the material–tool contact
zone drop was 10◦. The comparison of data provided in Figure 12 with the data from
Figure 1 shows that the shape of the hot forging input material, especially the input material
with small initial dimensions, has a large impact on the temperature distribution in the
volume of forgings. During deformation, the cylinder-shaped forging cools down more
slowly than the cube or cuboid-shaped forging. This is due to the different nature of heat
transferring to the environment, and in particular, heat transferring to the anvils. The
deformed cylinder-shaped sample in the initial phase of pressure on the flat anvils only
has a point contact with the upper and lower anvils. In later stages of the operation, this
contact gradually increases until it reaches the final reduction of 35%. After applying a
20% reduction, the entire upper and lower surface of the sample will be in contact with
the anvils. As a result, there will be a smaller temperature drop in individual zones of the
deformed sample when torn with a cube-shaped sample. For this sample, in the first phase
of the operation, the upper and lower surfaces of the sample are in complete contact with
the working surfaces of the anvils, hence a much greater temperature drop in the volume
of the deformed sample occurs.
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Temperature, °C 

Figure 12. Distribution of temperature values on the surface of the cross-section of the sample with
modeled discontinuity after deformation with 35% reduction.

By analyzing the data in Figure 13, it can be stated that in the central area of the sample
lying along the x-axis, after the second reduction, the temperature was equal to 365 ◦C,
which is a decrease of 35 ◦C from the initial temperature. In the tool–material contact
zone, a temperature equal to 358 ◦C was recorded, which means that in these zones the
temperature fell by 42 ◦C from the initial temperature.

Temperature, °C 

Figure 13. Distribution of temperature values on the surface of the cross-section of the sample with
modeled discontinuity after rotation by 90◦ and re-deformation with 35% reduction.

Figure 14 shows the distribution of the effective strain values on the cross-sectional
area of the sample after the first reduction. The data presented in this figure show that
in the central area of the sample, the values of effective strain were obtained within the
range of 0.62–1.06, while in the external areas, the values were obtained within the range
of 0.04–0.77. The geometric shape and initial dimensions of the sample, deformed in the
elongation operation in flat anvils, have not only a strict impact on the distribution of
temperature values, but also on the distribution of the effective strain values, causing
different directions of the vectors of friction forces and pressure, which are responsible for
the kinematics of the flow of the magnesium alloy in question. In this case, the shape of
the sample (cube) had a beneficial effect on the welding of the axial internal discontinuity
because a magnesium alloy flow kinematics was obtained, which, after deformation with a
35% reduction, allowed the discontinuity to be welded in the first forging transition. This
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was not achieved in the first forging transition with the same technological parameters and
the same anvil of the sample in the shape of a cylinder.

Effective strain 

Figure 14. Distribution of the effective strain values on the surface of the cross-section of the sample
with modeled discontinuity after deformation with 35% reduction.

The data in Figure 15 show that in the central area of the sample, large values of
effective strain were obtained, which ranged from 1.35 to 1.50. If the metallurgical dis-
continuity was not welded in the first forging transition, the large value of the obtained
deformations in the second transition would lead to the discontinuity being welded. In
the outer areas of the sample, after the second transition, the effective strain values were
very diverse in practically the entire range of values given in the legend. For the analyzed
cross-sectional area of the sample, a forging cross is visible, characteristic for conducting
a number of elongation operations in flat anvils, in particular for batch materials with
a square or rectangle cross-section. This introduces large inequalities in the distribution
of values, not only of deformations but also stresses, and not only in forged magnesium
alloys, but also in many other alloys found in iron alloys. This is inevitable during forging
of flat anvils, but the advantage of the described forging cross is the intensification of
deformations and stresses in the axial forging zones where there is an axial discontinuity of
the middle porosity type that is difficult to level in forging processes.

Effective strain 

Figure 15. Distribution of the effective strain values on the surface of the cross-section of the sample
with modeled discontinuity after rotation by 90◦ and re-deformation with 35% reduction.
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By analyzing the data in Figure 16, it can be stated that in the central area of the
sample there were high hydrostatic pressure values in the range of 67–117 MPa, while in
the outer areas on the right and left side of the deformed sample, after the first forging
transition, the hydrostatic pressure values were small and ranged from 0.4–17 MPa. In the
axial zone of the sample, large hydrostatic pressure values occurred, which allowed the
axial discontinuity to be welded. In this case, it was possible to ensure this due to the task
of maximum applicable relative reduction with the use of flat anvils, which introduce stress
intensification directed to the axis of the deformed material.

Pressure, MPa 

Figure 16. Distribution of hydrostatic pressure on the surface of the cross-section of the sample with
modeled discontinuity after deformation with 35% reduction.

The data in Figure 17 shows that after rotating the sample by 90◦ and re-executing
the relative reduction of 35%, in the internal area of the sample, small hydrostatic pressure
values were recorded, which were in the range of 17–33 MPa. While in the areas located
on the left and right side of the sample along the x-axis, the pressure values ranged from
0.4–12 MPa. After the sample was rotated and reduced once again with the same value,
large hydrostatic pressure values were not obtained in the axial zone of the sample. Hence,
it is important to determine the appropriate deformation parameters which make it possible
to achieve complete welding of axial discontinuities in the initial stages of forging, where
the material is still very plastic and the temperature in the sample axis is still close to the
initial forging temperature.

Pressure, MPa 

Figure 17. Distribution of hydrostatic pressure on the surface of the cross-section of the sample with
modeled discontinuity after rotation by 90◦ and re-deformation with 35% reduction.
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7. Physical Modeling of Closing Discontinuities in Forging Conditions in Flat Anvils

In order to verify the numerical tests of the material elongation process with artificially
introduced axial discontinuity, physical simulations were carried out using the MaxStrain
module of the Gleeble system. Two types of samples were used for the tests: with a square
cross-section of 10 × 10 mm and with a circular cross-section with a diameter of 12 mm.
In both samples, holes were made along the axis of the samples with a diameter of 2 mm.
The holes were a model image of metallurgical axial discontinuities appearing in the cast
input material intended for elongation operations. Figure 18 shows samples prepared
for deformation.

The samples were heated to 400 ◦C, maintained at this temperature for 150 s, and then
deformed in flat anvils with a 35% reduction, reducing the initial height from 10 mm to
6.5 mm (for a square section sample) and from 12 mm to 7.8 mm (for a circular section
sample). After the set deformation, the samples were heated to a temperature of 400 ◦C,
rotated by an angle of 90◦, and then another deformation was set in such a way as to obtain
a sample with a final height of 10 mm (for a sample with a square cross-section) and a
height of 12 mm (for a sample with a circular cross-section) from the material expanded
after the first deformation. In both cases, a constant anvil speed of 8 mm/s was used.

Figure 18. Samples prepared for the deformation process in the MaxStrain device: (a)—a sample
with a square cross-section of 10 × 10 mm; (b)—a sample with a circular cross-section of 12 mm
in diameter.

After deformation, the samples were cut in a plane perpendicular to their axis in the
middle of their length. On the obtained cross-sections, metallographic micro-sections were
prepared using the HNO3 nitric acid reagent (65%) and C2H5OH ethanol (96%) digestion.
The micro-sections were subjected to observation using optical microscopy and scanning
electron microscopy. The aim of the observation was to analyze the structural changes
in the material occurring during deformation in the area of the modeled discontinuity.
Figures 19 and 20 show images from the optical microscope of the disclosed sample mi-
crostructures after deformation. Figure 19a shows a sample with a square cross-section in
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which no artificial axial discontinuity was introduced, while Figure 19b shows a deformed
sample in which there was initially an artificially introduced discontinuity. However,
Figure 20a,b show analogous areas disclosed in a sample of a circular cross-section.

(a) (b) 

  

Figure 19. The disclosed microstructure of the sample with a square cross-section in the area of the
axis after plastic deformation: (a)—sample without axial discontinuity; (b)—sample with artificially
introduced axial discontinuity.

(a) 

 

(b) 

 

Figure 20. The disclosed microstructure of the sample with a circular cross-section in the area of the
axis after plastic deformation: (a)—sample without axial discontinuity; (b)—sample with artificially
introduced axial discontinuity.

Since the observation with the use of an optical microscope did not show discon-
tinuities in the deformed samples, which indicates that during the plastic deformation
the introduced axial discontinuity was closed, the microstructure of the material in the
closed zone of the defect was additionally observed using a scanning electron microscope.
Figures 21 and 22 show microstructure images obtained from SEM analysis for a closed
discontinuity area at two different magnifications. Figure 21 shows the microstructure
of a sample with a square cross-section, while Figure 22 shows a sample with a circular
cross-section.
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(a) 

 

(b) 

 

Figure 21. The microstructure of the sample with a square cross-section in the axis area after plastic
deformation disclosed in the SEM analysis: (a)—magnification ×100; (b)—magnification ×3500.

(a) 

 

(b) 

 

Figure 22. The microstructure of the sample with a circular cross-section in the area of the
axis after plastic deformation disclosed in the SEM analysis: (a)—magnification ×100; (b)—
magnification ×3500.

The conducted SEM analysis confirmed the previous observations carried out with
the use of an optical microscope, which concluded that the deformation system used is
sufficient to completely close the axial metallurgical discontinuity in the AZ91 alloy.

8. Conclusions

Based on the analysis of the results of the conducted research, the following final
conclusions were drawn:

The geometric shape of the input material significantly affects the welding of the
internal metallurgical discontinuity of the type of central porosity.

As a result of the conducted tests, it was found that the complete welding of the axial
discontinuity was obtained in a cylinder-shaped sample after the first forging transition,
while it was obtained in a cube-shaped sample after the second forging transition.

Large hydrostatic pressure values achieved during the elongation of the AZ91 magne-
sium alloy samples in the first two forging transitions positively affected the welding of
metallurgical discontinuities.

The use of a single, possibly large relative reduction influences the formation of
a deformed sample of stresses and compressive deformations in local areas, which are
conducive to the sealing of axial discontinuity.

407



Materials 2022, 15, 7465

During the conducted physical research, the authors observed that in the range of
temperatures of the deformation process, there was no cracking of the material in its local
zones and no adhesion of the outer layers of the magnesium alloy to the working surfaces
of flat anvils.
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Abstract: Forgings produced in industry are an irreplaceable basis for subsequent elaborating on
machine tools. The quality of the semi-finished product produced by forging is a necessary prerequi-
site for ensuring the final quality of the final product because the forging can produce some defects.
The presented paper is aimed at investigation of selected characteristics of forging steel specimens
for various levels of their relative reduction. Ultrasound testing belongs to methods for investigation
of structure changes, including defects. Experimental investigation, using both the attenuation
and velocity measurements, verify that the reduction of specimens’ material can have an effect on
the propagation of ultrasound waves passing through the specimen body. The procedure of steel
samples forging corresponds accordingly to the process of their hardening. The increase of toughness
after relative reduction of forging in the range of 10–50% is with highest probability caused by the
strength matrices development due to the relatively important deformation hardening. It is evident
that the deformation hardening is almost the same after every 10% addition of relative reduction.
Experiments are supplemented by Barkhausen noise detection and metallographic characteristics of
the samples. While differences between the Barkhausen noise values are in principle relatively small
and significant differences are only in the values of the position of the envelope, there is maximum
coincidence with ultrasonic investigation.

Keywords: forging metal specimens; ultrasonic investigation; Barkhausen noise; hidden defects

1. Introduction

Metal beating is one of the basic forming processes, especially under dynamic loading.
Hammering belongs to the field of forging and is the most common operation on impact
machines (hammers, drop hammers, spindle presses, etc.). The beating itself takes only a
few fractions of a second, which means that the process cannot be considered isothermal.
In addition to its practical significance, beating is of fundamental importance for determin-
ing the mechanical properties under impact loading. Only the pressure test allows the tool
to immediately hit the material. The theory of plastic deformation propagation, taking into
account the influence of the deformation rate, the thermal effect, the actual course of the
load and the final dimensions, is still under investigation. With sufficiently short samples,
the propagation of plastic deformation can be neglected. Only short samples can be used for
beating on conventional machines. It is known from practice that the maximum length of
loose material that can be broken without deflection is l = 3d. When hammering, the height
of the material always decreases. Various tests are applied to test forgings, such as checking
the chemical composition of the material, checking the mechanical properties and structure
of the forgings. These are commonly used tests in which forging errors can be detected.
In particular, the following methods are used in practice to detect hidden forging defects:
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• Assay of electromagnetic waves of different lengths;
• Test of magnetic and electrical phenomena—capillary tests;
• Magnetoinductive methods;
• Magnetographic method;
• Magnetic powder method;
• Magnetic fluorescence method;
• Radiation methods;
• X-ray defectoscopy;
• Ultrasound defectoscopy.

In the experimental part, attention was focused on ultrasonic waves and their attenuation.
Quantities characterizing the propagation of high-frequency acoustic waves (ultra-

sound) in solid materials can be determined from the investigation of dependence of both
acoustic wave velocity and attenuation on individual variables describing investigated
properties of existing materials. The relation of velocity and attenuation of ultrasonic waves
to various properties referring to intrinsic structure of solid material can then enable their
study by means of ultrasonic velocity and attenuation measurement. Among these prop-
erties, mainly mechanical (elastic, structural, etc.) properties of materials, which directly
reflect their intrinsic structure, are considered [1,2].

Using the measurement of acoustic wave velocity that is in proportion to the root of
ratio of elastic constants and density of investigated materials, we can receive information
connected directly with interatomic forces or density. The ultrasonic wave attenuation
very sensitively reflects material intrinsic structure, not only the type of structure but
also the changes due to occurrence of defects (dislocations, grains, cracks etc.) Ultrasonic
attenuation and velocity in metal materials depend on the method of preparation and
further treatment, which can influence grain magnitude as well as the generation of some
defects. The attenuation also reflects permanent changes in material arising due to its
strain [3]. In the case of material with a grain structure, dislocations, cracks or other defects,
the attenuation is caused by the dispersion, the frequency dependence of which depends
on the rate of wavelength and mean defect size [4].

The issue is quite extensive and the number of papers devoted to the study of the
material characteristics of forgings is large. The most important is [5]. The authors deal with
ultrasound control used in non-destructive testing to detect cracks and other defects. It is
an important publication and provides a good overview of the issue. Other contributions,
such as [6,7], deal with large forged steel parts, testing the phase field by ultrasound in
each directional reaction. The CIVA software package (EXTENDE S.A., Massy, France)
was used to optimize the phase field. The three test samples described in the source [8]
were taken from the material so that the UT indications were in the middle of the cross-
section. The samples were then subjected to cyclic loading by applying tensile stresses
of different magnitudes and different stress ratios. The experimental investigation in
the article [9] confirms the challenges and the current shortcomings in the control of
planned industrial components, where such microstructures are desirable in terms of
their mechanical properties. Article [10] is an important and significant work, where the
interaction between ultrasonic acoustic radiation and the microstructure of duplex stainless
steel 2205 was studied. Samples were examined at 780 ◦C to promote precipitation of
intermetallic phases. The UT response in each sample was measured, associated with the
respective microstructural properties. Article [11] summarizes the results of research into
the effect of sensitivity distribution of double transducer probes, which are often used
in non-destructive ultrasonic testing of forgings. The sensitivity distribution measured
in two directions, parallel and perpendicular to the separation plane of the dual sensor
probe, was tested and analyzed. The approach presented in paper [12] combines the
technique of focusing with synthetic aperture (SAFT) to accurately find and quantify
small errors. The ultrasound inspection data obtained in the pulsed echo configuration
are reconstructed using the synthetic binding application coupling (SAFT) technique.
Document [13] investigated the relationship between changes in ultrasonic group and
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phase velocity with the local properties of a forged and heat-treated large bainitic steel
block. From the obtained data it is possible to find out the number and approximate
location of small errors. Article [14] describes the development of a new piezoelectric
machine operating in a continuous mode. The machine was used to investigate the
very high cyclic fatigue (VHCF) properties of the VT3-1 alpha beta aviation titanium
alloy. This is produced by two production technologies: forging and extrusion. Extruded
titanium alloy has a higher torsional strength of VHCF compared to forging. Ultrasonic
testing was used to evaluate the quality of the joints [15]. The basic rising process was
chosen to investigate the forging. The good quality of the joint after forging was examined
by a penetration test and optical microscopy. A reliable connection between the two
materials is important for optimal stress transfer between the materials throughout the
component. A special bending test was developed to determine the interfacial strength.
The paper [16] describes the problem of the large size of the radial structure and the
high mechanical power of the MP1000 miner spindle forging. The low efficiency and
reliability of ultrasonic non-destructive tests make it difficult to detect uneven material
in the forging process. The numerical finite element method itself, the simulation of the
process of detecting ultrasonic errors of the spindle forging, is performed using software.
To classify internal defects in the forging, the authors proposed a method [17] based on
sample detection of errors obtained in ultrasonic tests. The reliability of the method is
more than 75%. The authors also developed a program for the classification of internal
defects in relation to the length and their location across the thickness and width of the
forging. The pulse compression technique was applied in [18] for ultrasonic inspection
of the forging. Currently, (some) authors have applied it in combination with the use of
broadband ultrasonic transducers and broadband excitation signals. The methods are
extended by applying distance gain size (DGS) analysis to the output pulse compression
signal. The assessment and assessment of cracks [19] when deciding on suitability for use
require an examination of the location and size of cracks in hazardous areas. An ultrasonic
transducer is mainly used for such evaluation, but classical methods cannot accurately
evaluate the forging, such as mainly wheel hubs.

It is also possible to make other contributions to the issue. In [20–22], the authors
deal with the processing of ultrasonic field signals and [21] deals with the problem of
velocities in steel blocks, which is very stimulating for the whole area of such research.
In addition to these papers, there is also [22], where the authors present an interesting area
of pulsed compression ultrasonic technology, where a detailed course of steel inspection is
described. The following literature [23–28] deals with and presents in detail non-destructive
evaluation systems with the application of ultrasound, so it is probably not necessary to
discuss these articles in more detail. Article [25] describes the problem of the speed of
ultrasonic waves as one of the suitable methods for investigating the properties of materials
and forgings by non-destructive methods. The paper [27] focuses on the presented issue
of large-scale parts [6,7,13]. In the paper [29], the authors dealt with a wide range of
issues of analysis and research of texture issues in metals. The last contribution of this
review is [30], which interestingly describes the issue of ultrasound in its application to
complex and rugged surfaces of metal parts. The hot deformation behavior and pulse
current assisted diffusion bonding (PCDB) behavior of sintered γ-TiAl-based alloy with
near gamma microstructure were investigated for fabricating honeycomb structure via
isothermal forging—PCDB route. Additionally, the mechanical property and structural
morphology demonstrated that the best forging with parameter was forging at 1200 ◦C with
a nominal strain rate of 10−3 s−1 subsequent to the effects of bonding [31]. In work [32],
the influence of weak interface between particles and matrix on mechanical properties
of metal matrix–ceramic reinforced composites is studied. Firstly, the samples made of
coelectrodeposited Ni-SiC composites with 10% of SiC with poor interface bonding were
prepared. Furthermore, the tensile test of samples was performed. The determined Young’s
v modulus was equal to 67 ± 8 GPa and the ultimate tensile strength to 230 ± 15 MPa.
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In the presented paper, the samples are of simple shapes and it is not necessary to
apply complicated procedures for the investigation of the investigated characteristics.
The presented contribution is orientated toward analysis of changes of mechanical proper-
ties in steel samples that undergo forging with respect to the original non-forging sample.
The structure changes of existing material were investigated for various relative reductions
of forging deformation using both attenuation frequency dependence and ultrasound veloc-
ity measurements. Obtained results were also compared with results obtained by another
method on the same samples, specifically by means of the characteristics of the samples
using the Barkhausen noise method and metallographic observation of the sample material.

2. Ultrasonic Investigation

2.1. Experimental Details

Investigated material was chosen from non-operated steel of composition described
in Table 1 and, from six sample series corresponding to six different material conditions,
original non-forging sample (0) and five forging samples with relative reduction 10% (1),
20% (2), 30% (3), 40% (4) and 50% (5) were prepared. The relative reduction of forging steel
samples was calculated using the relation

Φ = ln (h0/h) × 100%, (1)

where h0 is the original height and h is the height after forging.

Table 1. Chemical impurities in investigated steel in %.

C Max. Mn Max. Si Max. P Max. S Max.

0.10 0.45 0.15 0.03 0.025

The logarithmic degree of beating for individual samples was assigned according to
Table 2.

Table 2. Logarithmic degree φ of beating samples.

Sample 0 1 2 3 4 5

Logarithmic degree 0 1.02 1.58 1.094 1.175 1.335

The samples were subjected to a reduction ranging from 5% to 50%. One sample was
uncompressed. The actual dimensions of the compressed samples and their reduction are
shown in Table 3.

Table 3. Actual dimensions of rollers height after pressing (mm).

Sample 0 1 2 3 4 5

Height 12.85 12.15 11.18 10.25 8.80 6.75

Samples for the forging were prepared in the cylinder shape with diameter d = 13 mm
and original height h = 12.85 mm. The velocity and attenuation of ultrasound were mea-
sured for ultrasonic wave propagated in the direction of cylinder axis and by that in
deformation direction, but after grinding and polishing of both cylinder surfaces. The ultra-
sound pulses of six different frequencies from the range 5–30 MHz were generated by the
quartz transducers using the Pulse Modulator and Receiver—MATEC 7700 (Northborough,
MA, USA). The same quartz was used for receiving the reflected ultrasonic wave. The at-
tenuation was measured using MATEC Attenuation Recorder 2470 A. All measurements
were performed at room temperature. However, the higher frequencies of ultrasound
(>30 MHz) due to the extremely high attenuation could not be used.
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2.2. Experimental Results and Discussion

The results of velocity measurement for all investigated samples and for deformation
directions in cylinder axis are shown in Figure 1.

Figure 1. Values of ultrasonic velocity measured at frequency 12.2 MHz for forging samples with
relative reduction 10% (1), 20% (2), 30% (3), 40% (4) and 50% (5), including non-forging sample (0).

The velocity measurements were made at frequency of 12.2 MHz with accuracy better
then 2 × 10−3. It is seen that the value of ultrasound velocity increases with increasing
relative reduction up to sample 3 (30%) almost linearly and after that, there is only a small
attenuation rise to sample 4 (40%), and then it continues again in the early trend to the last
sample 5 (50%). Such behavior, also taking into account the increase of the density with
increasing relative reduction, corresponds to the considerable increase of elastic constant.
The procedure of steel samples forging corresponds accordingly to the process of their
hardening. The increase of the toughness after relative reduction of forging in the range of
10–50% is with highest probability caused by the strength matrices development due to the
relatively important deformation hardening. It is evident that the deformation hardening
is almost the same after every 10% addition of relative reduction, excepting the mentioned
rise between 30% and 40% of reduction, however.

The frequency dependences of ultrasonic attenuation measured for individual samples
are illustrated in Figure 2. By contrast to velocity measurements, the development of
frequency dependence of attenuation shows at first the increase of attenuation magnitude
in the case of first deformed sample 1 (10%) in regards to the non-forging sample but is then
followed with its decrease with increasing relative reduction. The decrease of ultrasonic
attenuation with increasing relative reduction fully corresponds to velocity measurements
and by that to the deformation hardening. Even the small rise of velocity between 30%
and 40% of relative reduction corresponds to a small decrease of attenuation between the
same samples. The fact that the initial increase of attenuation of sample 1 (10%) does not
correspond to results of velocity measurement could be connected with some defect in
creation after the first forging. As these defects do not influence the hardening process,
they could affect the ultrasonic wave dispersion. Because the frequency dependence of
attenuation can be described by the same function, except perhaps for the last one (50%),
it practically confirms that the relative reduction caused by forging process at least to 40%
does not create additional defects.

415



Materials 2021, 14, 2406

Figure 2. Frequency dependence of ultrasonic attenuation for the samples with different values of
relative reduction, 0% (0), 10% (1), 20% (2), 30% (3), 40% (4) and 50% (50) measured in frequency
range 8.2–23.1 MHz.

The results obtained by measurements of attenuation and velocity correlate consider-
ably with results of authors’ measurements obtained on the same samples, mainly by the
Barkhausen noise detection and metallographic characteristics.

3. Investigation of Sample Characteristics Using Barkhausen Noise

3.1. Experimental Results

Another method used for the analysis of changes of mechanical properties in steel
samples that undergo forging with respect to the non-forging sample is the Barkhausen
noise method. The basic parameters used in this method were: magnetization frequency
125 Hz, voltage 5 V, serial sensor and Barkhausen noise in frequencies range from 10
to 1000 kHz. The obtained characteristics and dependences of the rollers are shown in
Figures 3–10.

Figure 3. Sample No. 0—Barkhausen noise 339 mV—position of envelope maximum—10.58 a.u.—envelope extension
(FWHM—full width at half maximum) 81.2 a.u.
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Figure 4. Sample No. 1—Barkhausen noise 334 mV—position of envelope maximum—8 a.u.—envelope extension (FWHM) 77 a.u.

Figure 5. Sample No. 2—Barkhausen noise 300 mV—position of envelope maximum—7.8 a.u.—envelope extension (FWHM)
67 a.u.

Figure 6. Sample No. 3—Barkhausen noise 344 mV—position of envelope maximum—7.16 a.u.—envelope extension (FWHM)
63 a.u.

Figure 7. Sample No. 4—Barkhausen noise 374 mV—position of envelope maximum—6 a.u.—envelope extension (FWHM)
70.6 a.u.
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Figure 8. Sample No. 5—Barkhausen noise 340 mV—position of envelope maximum—7.7 a.u.—envelope extension (FWHM)
70.2 a.u.

Figure 9. Dependence of rollers and MBN.

Figure 10. Dependence of rollers and position of maximum and FWHM.
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3.2. Evaluation and Discussion of Barkhausen Noise Test

Magnetic parameters do not show a clear trend. Barkhausen noise (MBN) decreases
slightly from roller no. 0 to roller no. 2 and consequently the values for the last three rollers
no. 3 to 5 are higher compared to roller no. 2, around the value of 345 mV. The position of
the envelope maximum (which usually corresponds to mechanical and magnetic hardness)
as well as the width of the envelope at half its height (FWHM) also show an ambiguous
trend. The differences between the Barkhausen noise values are in principle relatively small.
Significant differences are in the values of the position of the envelope maximum. Overall,
it can be said that the experimental Barkhausen noise data are essentially unsuitable for the
characterization of these samples, or that it is now difficult to interpret these data, as the
information from conventional destructive tests is not known.

4. Metallographic Observation

The attached pictures of sample microstructures obtained by metallographic micro-
scope (Figure 11) show the surfaces of the investigated samples after their forging with
respect to the original non-forging sample. The samples were cut in the longitudinal axis
and etched. The surface is magnified 500× to make the structure of the material well
observable. The marking of the individual samples is in accordance with the previous one.
It is evident that the sample microstructure changes with increasing relative reduction.
It can be seen that the samples’ grains, including free space between them, are reduced in
a way that corresponds to the increase of their compaction and/or hardening. However,
it seems that after relative reduction 40% (e) the sample microstructure does not quite
coincide with the described trend of structure changes, but this fact corresponds with
ultrasonic investigation, primarily with the ultrasound velocity changes with increasing
relative reduction.

Figure 11. Microstructure of non-forging sample (a) and forging samples with relative reduction 10% (b), 20% (c), 30% (d),
40% (e) and 50% (f).
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In the experimental part, attention was paid preferentially to the shape of transient
waves and attenuation. The hardness of the samples remained at an overall low value and
is supplemented for a complete view of the problems of the samples used. The hardness
values are summarized in Table 4.

Table 4. The hardness of the forging samples.

Sample No. Test 1 (HV) Test 2 (HV) Test 3 (HV)

1 131.6 136.8 133.2
2 140.4 142.8 134.9
3 124.4 128.8 129.4
4 127.1 129.5 126.9
5 131.5 136.2 136.5

5. Conclusions

In this contribution, the analysis of changes of mechanical properties in steel sam-
ples that undergo forging with respect to the original non-forging sample is presented.
Experimental examining of ultrasound is proven to be a suitable and preferred method for
determining the desired characteristics. The investigation of Barkhausen characteristics is
given as a complementary method. The results are also supplemented by metallographic
images of all samples. In conclusion, we can state that methods of ultrasonic attenuation
and velocity measurement definitely recorded changes in steel bars that undergo 10–50%
relative reduction caused by forging procedure of original steel samples. Experimental
results show both velocity increases and attenuation decrease with increasing relative
reduction which means that there is then a considerable increase of elastic constant that
corresponds accordingly with the process of their hardening. The initial increase of ultra-
sound attenuation at the lowest value of relative reduction could be connected with some
defect creation caused by the forging process at the beginning of the forging procedure
and no additional defects, at least to 40% of reduction, are created. While differences
between the Barkhausen noise values are in principle relatively small and significant dif-
ferences are only in the values of the position of the envelope maximum, the pictures of
the samples’ microstructure obtained by metallographic microscope coincide well with
ultrasonic investigation.

Author Contributions: Conceptualization, J.M. and P.B.; methodology, J.M.; software, J.M. and F.Č.;
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Abstract: The paper presents an analysis of the results of numerical tests of the extrusion process
of structural panels made of the 5xxx and 6xxx series aluminium alloys in a designed split die.
The obtained products are intended for innovative superstructures of special car bodies. The main
purpose of the research was the designed split die and numerical simulations and analysis of test
results to determine the parameters of the extrusion process. The distribution of stress intensity,
strain, strain rate, and temperature in the extruded metal was analysed for two different speeds of
the punch movement. On the basis of the analysis of the distribution of stress values occurring in
the extrusion process, the conditions enabling the real process of extrusion of the panel profile in
industrial conditions in the designed split die were determined. It was shown that panel sections can
be produced from ingots with a length of 770 mm on a press with a pressure of 35 MN (12”).

Keywords: extrusion; aluminium alloys; car bodies; plastometric tests; rheological properties;
FEM modelling

1. Introduction

Aluminium alloy flat bars (panels) with various, often complex, structures, which
are usually made by extrusion on presses, are common products in modern, lightweight
structures. Extrusion is a widely used process in the production of long components
with complex cross-sections. This technological method allows for obtaining unique
shapes of products, which provides exceptional design opportunities for architects and
designers [1–4]. Extrusion is one of the types of metal forming processes. During the
extrusion process, the material placed in the container with the die, subjected to the pressure
of the punch, flows out through the holes of the die and is elongated at the expense of
reducing the cross-section.

Aluminium alloys with magnesium of the 5xxx series are intended for plastic working.
At the same time, these alloys are characterised by high strength properties, thanks to
which they are very frequently used in various types of structures. These kinds of alloys are
also characterised by very good technological properties, such as high corrosion resistance,
high strength, good weldability, and ease of shaping. Moreover, they have the lowest
density of all aluminium alloys, which reduces the weight of a given element, device,
or entire structure. As a result, they are used in various economic sectors, and their
percentage share in material processing is constantly growing. Currently, aluminium alloys
are the most widely used in transport due to their low weight. At the same time, they
are characterised by high strength properties and very good corrosion resistance, even in
aggressive environments. In the automotive industry, aluminium alloys are used both for
structural elements (frame and body elements), as well as engine parts and accessories. The
use of aluminium frames significantly reduces the weight of the means of transport, which
makes it easier to control, because its centre of gravity is lowered, and the braking distance
of the vehicle is shortened [5–7].
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6xxx series aluminium alloys contain magnesium and silicon. A characteristic feature
of this series of alloys is very high corrosion resistance and good plasticity. These alloys are
widely used in construction, interior design, the automotive industry, furniture, electronics,
lighting, load-bearing elements of trucks, buses, ships, cranes, wagons, bridges, and
barriers, as well as in the mining, chemical, food and shipbuilding industries [8–11].

Aluminium alloys have also been used as an effective method to improve the corrosion
resistance and formability of Mg alloys. Magnesium and its alloys, such as aluminium
alloys, are used in the automotive and aerospace industries due to their low density, good
mechanical properties, excellent electromagnetic shielding ability, and good recyclability.
However, the practical use of Mg alloys is limited by their low corrosion resistance [12].
Authors have presented effective methods of joining various Al/Mg alloys, with these
methods also including the hot extrusion method [12]. A review of the literature showed
that using the hot extrusion method can combine different materials: 1060/6063 Al alloys.
The first reason is that the split metal streams are fresh without oxidation and impurities.
Secondly, the materials inside the welding chamber experience high temperature, high
pressure, and an almost vacuum atmosphere, which is beneficial for solid bonding and
microstructure improvement [13].

The corrosion resistance of aluminium alloys can be increased by using the anodising
process [14–16]. This process consists in creating a coating on the aluminium surface,
which increases resistance to various external factors, such as acid rain, sea water, or
UV radiation. It is also an effective way to delay the aging of aluminium. Anodising
significantly improves the aesthetic value of aluminium products.

The use of extrusion technology of new large-size aluminium profiles with a width
of 200 to 600 mm will allow the introduction to the market of a new solution in the form
of an innovative superstructure for special-purpose vehicles, characterised by a modular
body structure made of aluminium alloy panels. Thus far, no such solution exists in which
extruded aluminium panels (especially from 5xxx and 6xxx series alloys) are used to build
superstructures of special-purpose vehicles. Currently, the bodies of special vehicles are
based on steel structures combined with composite components or steel sheets. Plastic
bodies have elements joined in the gluing technology, while traditional bodies based on
steel and aluminium are most often joined by welding or riveting. The use of an innovative
modular superstructure with wide panels made of aluminium alloys, as proposed by the
authors, eliminates the current problems, such as: very limited recycling possibilities of
plastic elements, the harmfulness of substances used in the manufacturing process, and
the length of the production cycle, as well as the nuisance associated with the processes of
joining elements. Certainly, there are many solutions on the market that use aluminium
profiles with different groove shapes and mounting methods, but there are no solutions
using such wide profiles. Thanks to the use of panels, the assembly and disassembly time of
bodies can be significantly reduced; individual panels can be easily replaced, which is also
a very important factor in the operation of special-purpose vehicles that work in difficult
conditions; their components are frequently damaged. The use of an aluminium modular
superstructure made of large-size aluminium panels will allow the reduction in the weight
of the vehicle by about 10% in relation to bodies currently made of welded structural steel.
Moreover, aluminium is a material that helps to reduce the amount of greenhouse gases
emitted into the environment. This is carried out in two ways: thanks to the use of bodies
made of aluminium panels, the load capacity of the vehicles is increased, which, in turn,
leads to an increase in transport capacity and the possibility of transporting more goods; the
weight of the vehicles is further reduced, which helps reduce fuel consumption [1,17–21].

2. Purpose and Scope of the Study

The development of deformation technology at the design stage gives indisputable
benefits when planning the production process of new products. The use of modern IT
tools enables a multi-faceted analysis of changes occurring during the manufacturing
process of the finished product. The purpose of the study was to design a die and to
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perform and analyse the results of numerical tests of the extrusion process of structural
panels made of 5xxx and 6xxx series aluminium alloys intended for innovative construction
of bodies of special-purpose vehicles. The influence of the following parameters of the
extrusion process was analysed: distribution of strain intensity, distribution of temperature
of the extruded alloy, distribution of strain rate, and distribution of stress intensity. The
calculations were made using FEM for the three-dimensional state of deformation, taking
the thermal phenomena occurring during the applied deformation scheme into account.
Numerical modelling of the panel profile extrusion process was performed using the
Forge®NxT software based on the finite element method [18,22–26]. The main focus of the
FEM modelling process in Forge®NxT was the analysis of the distribution of the above-
mentioned parameters during the extrusion of three Al alloys and the assessment of their
suitability for the actual shaping process in a vertical hydraulic press with a container
diameter of 12” and a pressure of up to 3500 T.

3. Materials and Methods

The material chosen for the tests was aluminium alloys with chemical compositions as
given in Table 1.

Table 1. Chemical composition of the investigated alloys [%].

Alloy Si Fe Cu Mn Mg Cr Zn Ti Al

5074 0.224 0.14 0.007 0.465 3.44 0.002 0.002 0.018 R
6005 0.40 0.175 0.05 0.05 0.675 0.05 0.05 0.05 R
6082 0.95 ≤0.18 ≤0.02 0.50 0.95 ≤0.03 ≤0.02 ≤0.02 R

Before the extrusion process modelling, plastic flow models for the three analysed
alloys were developed: Al5754, Al6005, and Al6082. Plastic flow models were developed
based on uniaxial compression tests performed with the Gleeble 3800 metallurgical process
simulator. Plastometric tests were carried out for the following parameters:

- Temperature: 350 ◦C, 400 ◦C, 450 ◦C, 500 ◦C, and 550 ◦C.
- Deformation velocity: 0.01 s−1, 0.1 s−1, 1 s−1, 10 s−1, and 30 s−1.
- Actual deformation: max. 1.15 for the GLEEBLE 3800 simulator.

The samples were heated at a constant rate of 5 ◦C/s to the desired temperature, held
at this temperature for 20 s, and then deformed.

The results of plastometric tests were used to determine the coefficients of the yield
stress function, which were used to simulate numerical extrusion processes in the Forge®NxT
software. σp formula (1) was used to determine the value of the yield stress. Table 2 presents
the values of the parameters A and m1–m9 used to define the value of plasticising stress σp
for the three aluminium alloys [22].

Table 2. Parameter values A and m1÷m9 used to define the σp value of Al alloys.

Al Alloys Al5754 Al6005 Al6082

The values of the
parameters

obtained as a
result of the

approximation
of Equation (1)

A 0.1900358 79.928099 9.561 × 10−7

m1 −0.0074103 −0.0055896 −0.012197
m2 0.3359757 0.3994022 0.1363548
m3 −0.1777271 −0.0724108 0.1500382

m4 −0.0002228 −1.323 × 10−5 −0.000265
m5 −0.0042127 −0.0013238 −0.0005808
m7 0.4302946 −0.4114212 0.0370012
m8 0.0007222 0.00043599 −2.658396
m9 1.6723026 0.42435319 3.8141389
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The values of the parameters obtained as a result of the approximation of Equation (1).

σp = Aem1Tεm2
.
ε

m3 ε
m4
ε (1 + ε)m5Tεm7T .

ε
m8TTm9 (1)

where: σp—plasticising stress;
.
ε—strain rate; T—temperature of the deformed material;

ε—actual deformation, A; m1–m9—function coefficients.
Equation (1) is frequently used to derive value σp in computer software for numerical

modelling of plastic working.
Modelling of the extrusion process was performed for each alloy with two different

punch speeds. The main simulation parameters for all analysed alloys are presented
in Table 3.

Table 3. Main parameters used in extrusion process for all Al alloys.

Extrusion Speed v,
mm/s

Initial
Temperature of

Billet T, ◦C

Friction
Coefficient

between Die and
Ingot, μ

Friction
Coefficient

between Punch
and Ingot, μ

Heat Transfer
Coefficient α,
kg/(◦C·s−3)

Extrusion Ratio, λ

3
485 0.4 0.07 10,000 486

In order to carry out the extrusion process of the section shown in Figure 1, a die
had to be designed, thanks to which it would be possible to obtain panels with a width
of s = 200 mm and a thickness of h = 35 mm from an ingot homogenised in the casting
process with 770 mm in length and 305 mm in diameter. The section consists of three parts:
connector (I), central part (II), and outer part (III), and it is a component of load-bearing
structures used in the automotive industry. To carry out the extrusion process, a multi-port
die was designed with bridges separating the extruded material in such a way to obtain an
even plastic flow of the metal in the calibration zone of the die.

 

Figure 1. Panel section of an arm (component) for load-bearing structures used in the automotive
industry with dimensions of 200 mm × 35 mm.

In this type of die, during metal deformation, both in the real process and during
process modelling using the finite element method, metal deformation occurs in several
characteristic stages, as shown on the example of a port die with longitudinal and transverse
bridges in Figure 2.

In the first stage of the extrusion process, the metal in the container contacts the
die and flows into the ports, where it is separated by port bridges, both transverse and
longitudinal (Figure 2a).

From the data presented in Figure 2a, a local increase in the metal flow velocity can be
observed. In the next stage (Figure 2b), the metal fills the ports and flows into the welding
chamber. At this stage, the value of the metal flow velocity decreases. In the last step of
the extrusion process, when the welding chamber is filled with metal, the value of the
plastic flow velocity increases again and reaches a maximum when passing through the
calibration zone.
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(a) (b) 

Figure 2. Stages of metal deformation in port dies with separating bridges (edges), a core, and a
welding chamber: (a) metal is separated in the core part of the die through port bridges; (b) metal
flows into the welding and calibration zone through contact with the plate part of the die.

The metal flow kinematics in this type of die is determined by the distribution of the
parameters that affect the plasticisation of the material, such as temperature, deformation,
or strain rate. To obtain a section with the cross-section shown in Figure 1, a die was
designed, the essential elements of which are shown in Figure 3.

 

(a) 

 

(b) 

 

(c) 

Figure 3. Die structure: (a) inlet part to the die with port opening; (b) two-stage calibration part of
the die; (c) outlet part of the die, where the metal temperature stabilises after leaving the calibration
zone (not used in the first modelling stage).

Due to the small wall thickness of the panel section (g = 1.8 mm, and the largest is
gmax = 3 mm) in relation to its width (s = 200 mm) and the symmetrical arrangement of the

427



Materials 2022, 15, 8311

cutout, the analysis covered the distributions on the contact surface of the deformed metal
with the die.

At the first stage of forming the section walls, deformation unevenness results from
different metal flow velocities along the axis, which causes the formation of tongues (uneven
shape of the beginning of the strand) and, therefore, the first stage of metal flowing out of
the calibration part of the die was analysed.

The largest metal deformations during the extrusion process in this type of dies occur
at two characteristic stages of the process. These are the stages in which the metal initially
flows perpendicular to the axis of the ingot, and then, due to the shape of the die, the
direction of its flow is forced to change to parallel to the axis of the ingot. Inner layers of the
metal that are not in direct contact with the curved surface (edge) of the die have a slower
flow velocity than those in direct contact with the surface of the tool. In these zones, there is
a large velocity gradient, which causes areas of large deformation in the subsurface layers.
Such a concentration of deformations in these zones is related to the tool geometry (edge
rounding radius and edge inclination angle), which is not affected by the type of deformed
material, the plastic resistance to metal flow resulting from the friction of external metal
layers against the tool, and the internal friction depending on the material properties of the
deformed metal.

During metal deformation in the designed die, there are two areas characterised by a
high concentration of deformations. The first area is the zone where the metal flows from
the container to the ports during metal separation. The second is a two-stage area of metal
outflow from the welding chamber to the calibration part, where the panel profile is given
the final shape. Modelling of the extrusion process of the panel section shown in Figure 1
was performed for three different 5xxx and 6xxx series Al alloys. Moreover, in order to
adapt the modelled process to the real conditions of one of the industrial aluminium presses,
the process was carried out for two punch speeds: 3 and 6 mm/s.

4. Analysis of Modelling Results of the Panel Profile Extrusion Process Using the

Forge®NxT Software

4.1. Analysis of Strain Intensity Distributions

Figures 4–6 show the distribution of strain intensity during the process of extrusion of
a panel section from three different Al alloys.

 
  

 (a) (b) 

Figure 4. Distribution of strain intensity—Al 5754 alloy: (a) punch feed speed 3 mm/s; (b) punch
feed speed 6 mm/s.

For all tested materials and variants of the extrusion process, two areas with a high
concentration of strain intensity can be observed. The differences result from the size of
these areas and the value of deformations.

For 5754 aluminium at the punch speed v = 3 mm/s (Figure 4a) in the first area, the
highest values of strain intensity are observed (ε = 10), mainly in the central metal zones of
the base of the port walls (port entrances) and in small fragments in the contact area of the
bridge surfaces with the port walls. By contrast, for the maximum values of deformation on
the same surfaces, but for the 4 ports furthest from the axis of the ingot, the values of strain
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intensity are, on average, between 8 and 9. In the second area, the highest strain intensity is
observed at the edge of the second stage of cross-sectional reduction, in the places where
the section wall is thickest, and in the corners of individual parts of the section. One can
also observe a large unevenness in strain intensity in parts I and II, their value ranging from
5 to 9. The lowest values of strain intensity occur in the welding chamber, in the corners of
the ports, where the metal has the lowest flow velocity and specific dead zones are formed.
The same phenomenon occurs in the corners of the container, where the values of strain
intensity are also very small.

 
 

 
(a) (b) 

Figure 5. Distribution of strain intensity—Al 6005 alloy: (a) punch feed speed 3 mm/s; (b) punch
feed speed 6 mm/s.

 
 

 

 (a) (b) 

Figure 6. Distribution of strain intensity—Al 6082 alloy: (a) punch feed speed 3 mm/s; (b) punch
feed speed 6 mm/s.

Increasing the extrusion speed to 6 mm/s (Figure 4b) causes an increase in the zones
with maximum values of strain intensity in the first area, and for the ports that are furthest
from the axis of the ingot, strain intensity increases to the value of 10. However, in the
second area, due to higher values of the metal flow velocity and the uniform flow of the
metal along the axis of the ingot, the values of strain intensity range from 4 to 6.

For 6005 aluminium extruded with a punch speed of v = 3 mm/s (Figure 5a), the
highest values of strain intensity equal to 10 were observed in the first area, mainly on the
entire contact surface of the bridges with the metal and at the base of the walls of all ports.
In the second area, the highest strain intensity is observed in the same places as for the Al
5754 alloy. However, the unevenness of the distribution of strain intensity is much greater,
because the area with the greatest deformations is larger and in part III, it covers almost
50% of its length, while in parts I and II, the values of strain intensity vary in the range
from 5 to 10. The lowest strain intensity occurs in the welding chamber in the corners of
the ports and in the corners of the container, and its value is from 0 to 1.

For this Al alloy, an increase in the extrusion speed to 6 mm/s (Figure 5b) results
in a more even distribution of the strain intensity in the second reduction stage, where
the non-uniformity between strains is in range from 2 to 5, while in the first reduction
stage, these irregularities are significant and in the range from 4 to 10. In all three parts
(I–III), the maximum values of the strain intensity appear in the places where the profile
walls are thickest, because in these places, the metal has a higher flow velocity than in the
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neighbouring thin-walled zones. This difference in flow velocity causes large deformations
in these places.

During the extrusion process of the 6082 aluminium alloy with the punch speed
v = 3 mm/s (Figure 6a), it can be observed that in the first area, the zone of maximum
deformation values is very extensive and virtually covers the entire area of the base of
metal entry into the ports and reaches up to 20% of the height of the ports. In the second
area, deformation unevenness is very high, and deformation values range from 2 to 10.

By increasing the extrusion speed of this alloy to 6 mm/s (Figure 6b), the area con-
taining the deformation with maximum values extends to about 25% of the port length in
the first area, and in the second area, the distribution of deformation in individual parts is
almost the same as the distribution obtained for the punch speed of 3 mm/s.

On the basis of the tests carried out, it is found that the increase in the extrusion
speed increases the strain intensity in specific zones. The distributions of strain intensity
values obtained on the cross-section of the extruded profile depend on the thickness of the
profile wall.

4.2. Analysis of Temperature Distribution in the Extruded Metal

The temperature distribution in the process of extrusion of sections depends strictly
on the temperature conditions of the tools and their shape, as well as on the process
conditions—in this case, extrusion speed and friction. Moreover, the material properties
of the extruded metal are extremely important, as they significantly affect the plastic flow
resistance of the metal during extrusion and have a significant share in the value of energy
and strength parameters of the process. There are only few plants in Poland and in the
world where it is possible to carry out the process of extrusion of this type of section, due
to the need to use containers with large diameters and complicated shapes of dies, which
results in a large energy expenditure, possible only in presses with very high pressures.
Therefore, in the next stage of the study, an analysis of the temperature distribution during
the process of extrusion of a panel section from three different Al alloys was carried out
(Figures 7–9). Simulations of the extrusion process were carried out for two different punch
speeds: 3 and 6 mm/s. The analysis of the temperature distribution was performed mainly
in the calibration zone, i.e., in the area where the plastic metal flows out from the ports in
the welding chamber zone to the calibrating strips.

   
 (a) (b) 

Figure 7. Temperature distribution—Al 5754 alloy: (a) punch feed speed 3 mm/s; (b) punch feed
speed 6 mm/s.

For the Al5754 alloy and the extrusion speed v = 3 mm/s (Figure 7a), the temperature
values range from 485 ◦C to 492 ◦C. Higher temperature is observed in parts I and III,
where the section has a thickened wall, where there is a less intense heat exchange with the
surroundings, and where large deformations occur. Increasing the punch feed speed to 6
mm/s (Figure 7b) affects the unevenness of the temperature distribution in the individual
parts, as well as in the entire volume of the die. The same temperature of approximately
492 ◦C occurs along the entire calibration strip in part II, while in part III, the temperature
ranges from 492 ◦C to 499 ◦C. In part II, a temperature distribution from 488 ◦C on the
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thickened wall to 499 ◦C on the free ends of the section can be observed. For this material
(Figure 7b), the temperature in the corners of the ports in the welding zone drops to 480 ◦C.

 
 

 
 (a) (b) 

Figure 8. Temperature distribution—Al 6005 alloy: (a) punch feed speed 3 mm/s; (b) punch feed
speed 6 mm/s.

 

  

 (a) (b) 

Figure 9. Temperature distribution—Al 6082 alloy: (a) punch feed speed 3 mm/s; (b) punch feed
speed 6 mm/s.

For aluminium 6005 extruded with a punch speed of v = 3 mm/s (Figure 8a), the
temperature distribution is uniform for all parts and ranges from 478 ◦C to 485 ◦C. After
increasing the punch feed speed to v = 6 mm/s (Figure 8b), the metal slightly cools down at
the ends and reaches temperatures in the range of 478–485 ◦C, in relation to the temperature
of the metal along the axis of the ingot in part II, where it reaches the temperature of 492 ◦C.

When extruding aluminium 6082 at a lower punch feed speed (Figure 9a), an even
temperature is observed in the entire volume of the metal contained in the die in the range
from 478 ◦C to 484 ◦C. Increasing the extrusion speed (Figure 9b) does not change the
nature of its decomposition, but causes an increase by about 7 ◦C.

4.3. Analysis of the Distribution of Strain Rate

Modelling the extrusion process of a panel section in a die with a constant shape
causes the metal in all variants of the process to have the same plastic deformation path,
which means that extrusion speed (v) has the greatest impact on the distribution of strain
rate values. The temperature of the deformed metal and its rheological properties also have
a significant effect on the distribution of strain rate. Process analysis with the use of FEM
enables assessing the sensitivity of the material to strain rate.

Numerical analysis of strain rate for the panel section extrusion process allowed for
determining the value ranges of this parameter. For all analysed Al alloys and two tested
punch feed rates, the intensity of the extrusion speed is in the range from 0 to 3 s−1. This is
the lower limit of the value of strain rate that occurs during the extrusion process. In the
literature [27,28], it is assumed that for hydraulic presses, it is in the range from 3 to 10 s−1

and in mechanical presses, from 20–80 s−1.
For alloy Al5754, the distribution of strain rate is shown in Figure 10a. Disregarding

the values for erroneous mesh nodes (red—escape of nodes from the port), intensity strain
and velocity are in the range from 0 to 1.5 s−1. The greatest strain rate is observed in the
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welding zone, where the metal filling the die changes its direction rapidly and the value
of the plastic flow rate changes as well. The change in the flow direction is forced by the
tool geometry and is limited in this area: by the die core, the edges of the ports, and the
bridges (areas marked with a solid line). In this zone, the highest values of strain rate
range from 0.3 to 1.2 s−1, whereas in the zone of two-stage reduction of the cross-section of
the metal flowing from the welding chamber to the calibration part (area marked with a
dashed-dotted line), the values of strain rate range from 0.3 to 1.5 s−1.

   
 (a) (b) 

Figure 10. The distribution of strain rate—alloy Al 5754: (a) punch feed speed 3 mm/s; (b) punch
feed speed 6 mm/s.

When the extrusion speed is increased to 6 mm/s (Figure 10b), areas with higher
values of strain rate are greater, and the maximum values of the average strain rate reach
up to 2.1 s−1.

In the process of extrusion of alloy Al 6005 deformed at a speed of v = 3 mm/s
(Figure 11a), in the welding zones (marked in Figure 10a with a solid line), the distribution
of strain rate is similar to the distribution obtained for alloy Al5754. There are areas of
increased intensity of strain rate in the shape of cones, where the average values range
from 0.3 to 0.9 s−1; however, the distribution of strain rate is more uniform. An uneven
distribution of strain rate can be noticed in the area of the two-stage reduction in the
cross-section, where the values of strain rate are up to 2.1 s−1.

 
  

 (a) (b) 

Figure 11. The distribution of strain rate—alloy Al 6005: (a) punch feed speed 3 mm/s; (b) punch
feed speed 6 mm/s.

Increasing the extrusion speed to v = 6 mm/s (Figure 11b) increases the maximum
values of strain rate, which is about 3 s−1. The average values of this parameter in the zone
where the material exits from ports (for the area marked with a solid line in Figure 10a) are
slightly higher than for the extrusion process with punch feed speed v = 3 mm/s and range
from 0.3 to 1.2 s-1. Similarly, comparing the metal flow during the extrusion process with
velocity v = 3 mm/s, the area with an uneven distribution of strain rate is slightly larger in
the zone of two-stage reduction of the cross-section (part II), and the value of strain rate
increases to 2.4 s−1. Zones with the highest values of strain rate occur at the height of the
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cones of intense flow resulting from the zone where the metal passes from the port bridge
to the calibration zone.

In the process of extrusion of alloy Al 6082, the areas with the highest values of strain
rate occur when the aluminium flows into the port channels in the material separation
zone, and the values of this parameter reach 3 s−1. In part II also, in the first and sec-
ond reduction stage, in the central part of the blank, the maximum values of strain rate
appear (Figure 12a).

 

  

 (a) (b) 

Figure 12. The distribution of strain rate—alloy Al 6082: (a) punch feed speed 3 mm/s; (b) punch
feed speed 6 mm/s.

By increasing the extrusion speed, it is possible to obtain the effect of a more even
distribution of strain rate over the entire cross-section of the section, which is particularly
visible in part I in the first reduction stage (Figure 12b).

4.4. Analysis of the Distribution of Stress Intensity

Figures 13–15 show the distribution of stress intensity for the three tested Al alloys
and for two punch feed speeds during extrusion of a panel section.

 

  

 (a) (b) 

Figure 13. Distribution of stress intensity—alloy Al 5754: (a) punch feed speed 3 mm/s; (b) punch
feed speed 6 mm/s.

   
(a) (b) 

Figure 14. Distribution of stress intensity—alloy Al 6005: (a) punch feed speed 3 mm/s; (b) punch
feed speed 6 mm/s.

433



Materials 2022, 15, 8311

   

 (a) (b) 

Figure 15. Distribution of stress intensity—alloy Al 6082: (a) punch feed speed 3 mm/s; (b) punch
feed speed 6 mm/s.

Figure 13a,b show the distribution of stress intensity during the alloy Al 5754 extrusion
process deformed at two different punch feed speeds. From the data provided in these
figures, it can be observed that for this Al alloy, the largest areas of maximum stress intensity
occur in the places where the aluminium flows into the ports and on the edges separating
the ports, whereas in the calibration zone, the maximum values of stress intensity occur
only in single nodes of the second reduction stage.

In Figure 13b, showing the distribution of stress intensity during the extrusion process
at a speed of 6 mm/s, it can be observed that increasing the extrusion speed results in a more
uniform flow of the aluminium layers in the separation zone. It also includes small areas
where the maximum values of stress intensity occur. By contrast, in the calibration zone,
there is a slight increase in the value of stress intensity, both in the first and in the second
reduction stage. It is especially visible in the axial zone (part II of the section—Figure 1),
where the values of stress intensity increase from 20 to 60 MPa.

For aluminium 6005, the values of stress intensity in the same stage of the extrusion
process in all characteristic areas are significantly lower than for alloy Al 5754. In the
process of extruding the section with punch feed speed v = 3 (Figure 14a), the highest
values of stress intensity occur in the calibration area (part II). It is especially visible in
places where the distribution of strain rate (Figure 11a,b) includes cones of intense flow,
and the values of stress intensity reach up to 60 MPa. In the reduction area in the first and
second stage, there are different values of stress intensity from 20 MPa to 60 MPa. In the
separation area (I), stress intensity is much lower and reaches a maximum of 40 MPa. By
increasing the extrusion speed to 6 mm/s (Figure 14b) in area I (separation), the values
of stress intensity slightly increase to about 50 MPa, whereas in part II, both in the first
and second stage of reduction, the values of stress intensity are distributed more evenly
than for the punch feed speed v = 3 mm/s and are in the range from 30 to 50 MPa. Apart
from a greater uniformity of stress intensity, this alloy is not very sensitive to changes in
strain rate.

Data in Figure 15 suggest that during the deformation of alloy Al 6082, the values of
stress intensity both in the separation and calibration zones, as well as in the remaining
area, are in the range from 10 to 30 MPa and slightly differ for both extrusion speeds tested.

Table 4 shows the values of punch pressure on the metal determined in the modelling
process during the profile extrusion for all analysed alloys and the two punch feed speeds.

The data in Table 4 show that the highest values of the total pressure of the punch
during the profile extrusion process occur for aluminium alloy 5754, and the lowest for
6082 alloy. Based on the presented results of numerical tests of the profile extrusion process,
it can be concluded that it is possible to carry out the extrusion process of this product on a
press with a pressure of 3500 T.
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Table 4. Summary of values of the total punch pressure during profile extrusion.

Aluminium Alloy The Speed of the Punch [mm/s] Total Pressure [T]

5754
3 2500
6 2800

6005
3 1200
6 1300

6082
3 1100
6 1300

5. Final Statements and Conclusions

Based on the theoretical analysis of the study results of the extrusion process of the Al
alloy panel section, the following conclusions were formulated:

- Based on the obtained results, it is possible to define the conditions enabling the actual
process to be carried out in an industrial plant in a designed split die.

- Taking the actual rheological properties of the analysed Al alloys during numerical
modelling of the extrusion process into account will ensure an increase in the accuracy
of calculations in relation to the actual technological processes.

- For all tested materials and variants of the extrusion process, two areas of high
concentration of strain intensity can be observed. There are differences in the sizes of
these areas and in the values of deformation.

- The conducted numerical tests show that the temperature increase in the deformed
material is related to plastic deformation and the friction phenomenon occurring
between the material and the die.

- The value of the pressing force during the process depends on the stage of the extrusion
process. The first maximum local pressure force occurs when the material is separated
by the port bridges, both transverse and longitudinal. In the next step, the metal fills
the ports and flows into the welding chamber. At this stage, the value of the extrusion
force drops slightly. As the sealing chamber is filled, the value of the extrusion force
increases again and reaches its maximum when passing through the calibration zone.

- Based on the analysis of the distribution of values of force occurring in the extrusion
process, it can be concluded that panel sections can be produced from ingots with a
length of 770 mm using a press with a pressure of 35 MN (12”), because the maximum
extrusion force does not exceed 30 MN.

Author Contributions: Methodology, T.B., S.B., H.J. and J.B.; Software, S.B.; Validation, T.B., A.K.
and J.B.; Formal analysis, T.B., A.K. and S.B.; Investigation, T.B, S.B. and H.J.; Resources, H.J. and
J.B.; Data curation, T.B., A.K. and S.B.; Writing—original draft, T.B. and S.B.; Writing—review &
editing, A.K.; Visualization, T.B. and S.B.; Supervision, H.J.; Project administration, A.K., H.J. and
J.B.; Funding acquisition, A.K. and J.B. All authors have read and agreed to the published version of
the manuscript.

Funding: European Regional Development Funds: POIR.04.01.04-00-0016/17.

Institutional Review Board Statement: Not applicable.

Informed Consent Statement: Not applicable.

Acknowledgments: This work was supported by the project entitled Ultralight and high-strength
modular structural panels for applications e.g., in the bodywork construction of special vehicles
implemented under Measure 4.1 “Research and development work”, Submeasure 4.1.4 “Application
projects” of the Operational Programme Smart Growth 2014–2020 co-financed by the European
Regional Development Funds, agreement No. POIR.04.01.04-00-0016/17.

Conflicts of Interest: The authors declare no conflict of interest.

435



Materials 2022, 15, 8311

References

1. Miller, W.S.; Zhuang, L.; Bottema, J.; Wittebrood, A.J.; De Smet, P.; Haszler, A.; Vieregge, A. Recent development in aluminium
alloys for the automotive industry. Mater. Sci. Eng. A 2000, 280, 37–49. [CrossRef]

2. Luo, A.A. Recent advances in light metals and manufacturing for automotive applications. CIM J. 2021, 12, 79–87. [CrossRef]
3. Fridlyander, I.N.; Sister, V.; Grushko, O.E.; Berstenev, V.V.; Sheveleva, L.M.; Ivanova, L.A. Aluminum Alloys: Promising Materials

in the Automotive Industry. Met. Sci. Heat Treat. 2002, 44, 365–370. [CrossRef]
4. Poole, W.J.; Wells, M.A.; Azizi-Alizamini, H.; Parson, N.C. Through process podelling of pxtrusion for AA3xxx alloys. Mater. Sci.

Forum 2014, 794–796, 682–690. [CrossRef]
5. Siczek, K.S.K. Light solution in the Automotive Industry (Lekkie rozwiązania w przemyśle zamochodowym). Autobusy 2017, 12,
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Abstract: In recent years, there has been a growing interest in composite components, which may
be designed to provide enhanced mechanical and physical effective properties. One of the methods
available to produce such components is joining by plastic deformation, which results in metal-
lurgical bonding at the interface. However, the portions of the interface that are bonded and the
inhomogeneity in the bonding strength achieved at the interface tend to be overlooked. In the
present study, Al6061 beams were bonded, by hot compression (300–500 ◦C) to different degrees
of reduction. The compression was followed by tensile debonding experiments and the revealed
interface was microscopically characterized in order to determine the areas that were metallurgically
bonded. The SEM characterization revealed that the actual bonded area is much smaller than the
interface contact area. Thermo-mechanical finite element models of the compression stage were
used to investigate the thermo-mechanical fields, which develop along the interface and influence
the resulting bonding strength. The principal strain field patterns across the interface area were
shown to be similar to the experimentally observed temperature-dependent bonding patterns. In
addition, a quantitative criterion for bonding quality was implemented and shown to correlate with
the experimental findings.

Keywords: bonding strength; compression; forming; Al6061; FE

1. Introduction

Modern engineering components used in the aerospace, automotive and nuclear in-
dustries are designed to function under greater operating loads and harsher environmental
conditions [1,2]. This is possible due to the incorporation of new and innovative composite
materials, which provide enhanced mechanical and physical effective properties [3]. One
class of composite components are multi-layered components, in which dissimilar or simi-
lar materials are joined to create one metallic component [4–6]. Joining processes can be
classified into the following two groups: mechanical joining (such as by using fasteners,
and clinching), and joining that includes metallurgical bonding (such as welding and adhe-
sive bonding) [7]. The use of aluminum alloys for structural component manufacturing
for those industries is increasing, due to their characteristic high strength-to-weight ratio,
excellent formability and corrosion resistance. Among the widely used aluminum alloys is
Al 6061, which, in addition to the mentioned characteristics, is also heat treatable and weld-
able, making it useful for a wide range of industrial applications [8]. Metallurgical bonding
is obtained by diffusion processes between parts with mutual interface. The diffusion
process is governed by temperature, pressure, surface quality, and bonding time [9].

One of the methods that results in metallurgical bonding is joining by plastic de-
formation, or “cold welding”, in which similar and dissimilar metals can be combined
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without melting. This method enables bonding large surfaces together, as opposed to small
bonded areas obtained in mechanical bonding methods, such as riveting and clinching.
Joining by plastic deformation also enables joining a wide range of materials (dissimilar
included), with less distortion and residual stresses, and with high process reliability. A
comprehensive review on the advantages and limitations of various plastic joining methods
is given in [10].

Commonly used joining processes by plastic deformation include cold and hot roll-
bonding [4–6,11–13], co-extrusion [14,15], and compression [16–18]. The effectiveness of
such multi-layered composites as load-bearing components highly depends on the interface
strength between the different metallic layers [19,20]. There are various methods proposed
in the literature for the quantification of bonding strength. In [5], the bond strength of hot-
rolled Al–Mg–Al composites was investigated. The hot rolling was conducted at several
pre-heated temperatures of 400–475◦, with a single reduction pass of 60%, 70% or 80%.
The average bond strength was estimated using dog-bone specimens cut in the rolling
direction, with a maximum bond strength of 66 MPa reported for the lowest temperature
and reduction utilized. In [4], the strength obtained in cold-rolled Al–St–Al strips was
investigated. Thickness reductions of 10–65% were conducted, and the average bond
strength was estimated using a peel test. It was reported that the increased reduction ratio
resulted in a higher contact pressure and increased bond strength. The study in [4] reports
two interesting findings. It was shown that increasing the roll speed, although it did not
increase the contact pressure, resulted in an increase in the average bond strength. It was
also reported that increasing the yield strength of the inner layer (using higher strength
steel), although increasing the contact pressure, resulted in a lower bond strength. These
findings may hint that interface deformation, rather than interface pressure, plays a critical
role in bond formation. In a recent study, hot compression bonding of 2196 Al–Cu–Li alloys,
at temperatures of 450–550 ◦C and an axial compression of 20–60% at different strain rates,
was investigated [18]. Tensile specimens were machined from the compressed samples
and tested, to estimate the average bond strength. The study defined two parameters to
quantify the bond strength with respect to the original material strength and elongation.
These are, in essence, a normalized maximum stress (max bond stress/max material stress)
and normalized elongation (max bond elongation/max material elongation). It was shown
that a scalar parameter, which is a function of temperature, strain, and stress values, can be
correlated to the normalized bond strength. A similar approach was applied by the authors
of this manuscript to define the bond criterion in hot-rolled Al–Al strips [21].

The main limitation of the various studies reported in the literature is the assumption
that all of the interface is metallurgically bonded; this is not necessarily the case, as the
thermo-mechanical fields that govern the formation of the metallurgical bond are usually
inhomogeneous across the contact interface area [21]. This implies that the measured bond
strength, which is computed as the peak load at debonding divided by the contact area, is
only a crude estimation. For the design of optimal bonding processes, it is first necessary
to determine how local thermo-mechanical field values, rather than global average values,
influence the bond strength.

The goal of the current study is to correlate between the local thermo-mechanical
fields that develop during hot compression bonding and the resulting metallurgically
bonded areas. Tensile debonding experiments were conducted in order to expose the
bonded interface, and characterize and quantify the areas that underwent metallurgical
bonding. This analysis, in conjunction with finite element analysis, enabled correlation
of the exposed bonded area to the thermo-mechanical fields, which develop during the
bonding process.

The article is structured as follows: Section 2 describes the bonding and debonding
experiments, metallurgical characterization, and finite element modeling. The experimental
and finite element analysis results are described in Section 3. Section 4 is devoted to
discussing the findings, and correlating between the thermo-mechanical fields and the
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exposed surface areas. The summary and conclusions, as well as the plans for future
expansion of the study, are given in Section 5.

2. Materials and Methods

To investigate the relation between the bonding surface and the thermo-mechanical
fields that govern the bonding process, an experimental/computational methodology was
utilized. First, compression experiments at different test temperatures were conducted in
order to obtain metallurgical bonding between the specimens. To quantify the thermo-
mechanical fields, which develop at the bonding interface, finite element modeling of the
bonding tests was performed, verified and validated. Next, debonding experiments were
conducted in order to both asses the interface bonding strength and to expose the bonded
surfaces for metallurgical characterization.

2.1. Bonding and Debonding Experimental Setup and Metallurgical Charcterization

In the present study, beams of Al6061 were cut from a flat plate (cold rolled with
surface quality N6) to approximate dimensions of 6.5 × 10 × 58 mm each. Hot compression
tests were conducted in an MTS exceed system machine with maximal load of 300 KN,
equipped with an environmental chamber of up to 550 ◦C. In order to create diffusion
bonding using plastic forming, pairs of Al6061 beams were placed one on top of the other
with overlap of 20 mm and compressed to different degrees of axial deformations under
300, 400 or 500 ◦C using a constant ram velocity of 1 mm/min (see Figure 1a). The non-
overlapping part of the beams was intentionally left in order to enable consecutive tension
tests for examining the debonding between the beams. The initial configuration of the
beams in the compression tests is presented in Figure 1b. Special attention was given to
collinear placement of the beams, one relative to the other. The specimen deformation
during the bonding and debonding process was monitored using a high-resolution Manta
G-319 camera. The time-dependent deformation patterns were subsequently used to
validate the computational models as will be discussed later on.

 

Figure 1. A specimen in the compression experimental system (a), and initial beam configuration
in the compression tests, placed within the system (b). A specimen in the tensile machine (c), also
shown from a side view inside the tensile grips (d).
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In order to ensure that the system tools and the specimen had reached the target
temperature (so that the experiment could be considered approximately isothermal), the
furnace was held at the target temperature for 40 min. Then the two beams were placed on
the lower pressing plate (with no pressure applied), and held for additional 20 min before
beginning the compression.

The debonding tensile tests were conducted using a 10 kN Shimadzu electro-mechanical
test machine. All tension experiments were conducted at room temperature (and after the
specimens were completely cooled) with a loading rate of 1 mm/min, and all tests were
conducted until failure. Following the debonding tests, a scanning electron microscope
(SEM, JEOL JSM-7400F, Tokyo, Japan) was used to examine the exposed fracture surfaces
and assess the different bonding zones.

2.2. Computational Modeling

As described in Section 2.1, the compression tests were performed within a furnace,
which is a part of the MTS system. Special attention was given to ensure both system
tools and the specimens had reached the target temperature. Since the experiments were
conducted under low ram velocities, the heat generation due to plastic dissipation can be
neglected and it may be assumed that the bonding process is isothermal. The computational
models were developed using the commercial FE (finite elements) code ABAQUS using an
explicit solver. The Al6061 was defined as an elasto-plastic material using the J2 yielding
criterion with isotropic hardening. The flow curves were characterized using compression
tests on single-beam specimens, at all temperatures relevant to this study (25, 300, 400, and
500 ◦C). Since digital image data were used to track the displacement of the surfaces of
the pressing plates in contact with the specimen, the elastic response of the tools became
irrelevant and the pressing plates were defined in the FE model as rigid. A penalty-type
contact constraint was specified between the beams (at the interface) and also between the
beams and pressing plates. In the tangential direction a constant friction coefficient of 0.4 (at
all temperatures) was defined. The friction coefficient between Al and steel was previously
characterized by the authors in [22]. No penetration was allowed in the normal direction
(“hard contact” definition). Due to symmetry, only half of the system was modeled as
shown in Figure 2. The mesh was constructed using 8-nodal hexahedral elements, with
reduced integration.

 

Figure 2. The geometry of the compression system represented in the model, with the 3D mesh used
throughout this study (side view).

The experimentally measured displacement was prescribed as the boundary con-
ditions on the upper pressing plate while the lower pressing plate was clamped. The
computational models underwent standard convergence tests to verify the solution was
converged with respect to element size and time step (see Appendix A).

3. Results

3.1. Determination of Al6061 Flow Stress

As was mentioned in Section 2.1, the system tools and the specimen were held at
the target temperature for 40 and 20 min, respectively, before starting the compression,
so that the experiment could be considered isothermal. However, since a wide range of
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temperatures is considered in this work, characterization of the AA6061 flow stress at these
temperatures is necessary for the computational study.

The flow stress of the material was characterized using compression tests of single-
beam specimens, at 25, 300, 400, and 500 ◦C. An FE model was built for each of the test
temperatures, and the flow stress was determined using the iterative approach detailed
in [22]. The resulting stress–strain relations are provided in Table 1, in the following form:
σ = K · εn + σyield.

Table 1. The flow stress relation characterized for the examined Al6061 at different temperatures.

Specimen Temp. [◦C] 25 300 400 500

Flow stress [MPa] 325 · ε0.75 + 225 55 · ε0.8 + 88 10 · ε0.75 + 42 10 · ε0.8 + 10

It can be seen from Table 1 that the flow stress decreases as the temperature increases,
as expected. The strain hardening (represented by the slope of the stress–strain curve) is
significant at room temperature and small at elevated temperatures. The strain hardening
is also monotonically decreasing with increasing temperature. It should be noted that the
constant representing the yield stress at different temperatures is similar to the values of
the yield stress reported in the literature for Al6061-T6 and Al6061-T651 [23].

3.2. Compression Bonding Tests

The experimental program is presented in Table 2, along with the axial reductions
obtained in the compression bonding stage.

Table 2. Compression bonding experimental parameters and dimensions of the specimens after
the test.

Temperature [◦C] Specimen No. Reduction [%] Wavg [mm] Lavg [mm]

300

AAA1 46.48 34.2 28.2

AAA2 43.54 31.47 27.95

AAA3 38.33 29.65 23.2

AAA4 32.39 26.75 22.52

400

AAB2 49.45 34.5 26.50

AAB3 43.39 31.50 25.56

AAB4 34.29 28.98 23.70

AAB5 25.02 25.60 21.50

500

AAC2 53.45 37.50 28.75

AAC3 44.84 32.80 23.4

AAC4 - - -

AAC5 - - -

It can be seen from Table 2 that, at the smallest reductions, bonding was not achieved
at 500 ◦C; however, it was achieved at 400 ◦C and 300 ◦C. The dimensions of the overlap
area are indicated in Figure 3, using an example of specimen AAA2 after the compression.

The force–displacement curves obtained in the compression bonding tests, at 300,
400 and 500 ◦C, are presented in Figure 4 for the entire range of reductions examined. It
can be seen that the curves obtained for the specimens that were compressed at the same
temperature conditions are overlapping, as expected. Also, as the temperature increases
the forces required to obtain the same amount of deformation decrease.
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Figure 3. Representative measurements of the overlapping area.

Figure 4. Force–displacement curves of the couples of Al6061 compressed at the following different temperatures: 300 ◦C (a),
400 ◦C (b), and 500 ◦C (c).

It should be noted that the differences in the force–displacement curves of the speci-
mens AAA3,AAA4 compared to AAA1,AAA2 result from differences in the length of the
overlap (see Figure 1) when positioning of the specimens in the furnace for the compression
test (which was significantly smaller for specimens AAA3,AAA4).
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3.3. Validation of the Finite Element Models

To validate the computational models, a comparison between the measured and
computed values was performed. As an example, the results for the largest reduction at
each tested temperature are presented in Figure 5.

Figure 5. Experimental Vs computed force–displacement curves of the couples of Al6061 compressed
at the following temperatures: 300 ◦C, 400 ◦C, and 500 ◦C.

Figure 5 demonstrates that the computational model is able to follow the experimental
force–displacement curves. In addition to the force–displacement curve, the computed
deformed specimen dimensions were compared to the experimentally obtained deforma-
tion. Representative examples are presented in the following Figure 6, which show that the
deformation contours fit the experimentally obtained ones.

3.4. Debonding Experiments

As previously mentioned, the debonding experiments were conducted mainly in
order to expose the bonded surfaces. Nevertheless, the shear stress required for delami-
nation (which is equal to the bonding strength under shear) was roughly approximated
by τbonding ≈ Fmax/A0, where Fmax is the maximum force obtained in the tension test and
A0 is the approximated overlapping area obtained in the compression stage (see Table 2
for the width and the length of the interface area measurement after compression). The
results of the approximated τbonding are presented in the following Table 3. It is important
to notice that the approximated τbonding is computed under the assumption that the entire
overlapping area A0 is bonded with the same strength, which may be a rough approxima-
tion. Furthermore, only a fraction of the overlapping area may be bonded, as discussed in
the following section, which microscopically examines the interface after failure.

3.5. Macroscopic Charcterization Following Debonding Tests

Following the debonding of the beams by the tension test, the revealed interface has
several distinguishable areas, which can be observed without any equipment. As can
be seen from Figure 7, the same general pattern can be observed in the specimens that
were bonded at different degrees of reduction (see Figure 7a–c), as well as at different
temperatures. This macroscopic pattern resembled an eye, and included a rhombus-like
area (“sclera”, outlined on the specimen surface in blue in Figure 7), which contains a
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round inner “iris” area (see Figure 7b). The macroscopic pattern is a bit different at 300 ◦C,
where the region of the “sclera” resembles the letter “X” rather than a rhombus. In the
specimens that were bonded at the same temperature, the macroscopic patterns are similar
(however their dimensions change with different reductions).

Figure 6. Upper (a) and side (b) view of specimen AAC3. Upper (c) and side (d) view of specimen AAC2.

Table 3. Approximated τbonding from force obtained in tension and area from the compression stage.

Temperature [◦C] Specimen No. Actual Reduction [%] τbonding [MPa] Notes

300

AAA1 46.48 12.16

AAA2 43.54 11.19

AAA3 38.33 5.08

AAA4 32.39 4.26

400

AAB2 49.45 10.89

AAB3 43.39 11.73

AAB4 34.29 8.28

AAB5 25.02 7.22

500

AAC2 53.45 7.29

AAC3 44.84 7.50

AAC4 - - No bonding

AAC5 - - No bonding

The division into different areas is thought to result from different surface textures at
the interface, which differ in degrees of roughness compared with their surroundings, and
therefore reflect light differently. The different areas were also examined microscopically,
as discussed in the following subsection.
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Figure 7. Examples of the interfaces revealed after debonding by a tension test. Specimen AAA1 (bonded at 300 ◦C, 46%
reduction) (a) Specimens AAB2 (bonded at 400 ◦C, 49% reduction) (b), Specimen AAC2 (bonded at 500 ◦C, 53% reduction) (c).

3.6. Microscopic Charcterization Following Debonding

Based on the macroscopic observations presented in Figure 7, it was initially specu-
lated that the interface eye-like pattern revealed by the debonding is a result of differences
in textures, which have a microscopic as well as a macroscopic distinction (which causes
the differences in light reflection).

The three areas—“iris”, “sclera”, and the outside of the “eye”—were examined using a
SEM microscope, in specimens that were bonded at different temperatures (300 ◦C, 400 ◦C,
500 ◦C), and also ones that underwent different reductions at the same temperature. The
different areas were magnified up to ×2500 in order to reveal differences in the textural
characteristics at the microscopic level. Representative examples of each area are presented
in the following Table 4. Those examples are of specimens that were bonded at different
temperatures, but with a similar degree of reduction. Specimen AAA1 was bonded at
300 ◦C and 46.5% reduction, AAB2 was bonded at 400 ◦C and 49.5% reduction, and AAC3
was bonded at 500 ◦C and 45% reduction.

It can be seen from Table 4 that the microscopic features indicate a diffusional bond was
created; however, not always along the entire interface. The presence of dimples, which are
characteristic for ductile failure (of material bulk), are evidence for the diffusional bonding
that took place during the compression stage. In general, deeper dimples will be correlated
with a stronger diffusional bond. The interface microscopic features also depend on the
debonding method, which was obtained by shear loading.

In the AAA1 sample, obtained at 300 ◦C, the “Iris” is covered with dimples of various
degrees of depth, some of which appear to be quite deep and large, and others are shallower.
Their round shape indicates that this area failed in tension. At the “sclera”, only a part
of the area is covered by dimples. At smaller magnifications (which are not included in
Table 4), it seems the stripes of dimples concentrate in the vicinity of grain boundaries.
In between the stripes of dimples the areas seem to resemble a brittle-like surface, with
ripples that imply the presence of a mechanical bonding as well (in which case both sides
of the interface grip each other through the irregularities in the surface). Outside of the
“eye”, the fracture surface is mostly brittle with visible grains (intergranular brittle fracture)
and small patches of shallow dimples. Ripples indicating mechanical bonding are present
throughout this area.
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Table 4. SEM images of different areas of the interface after debonding, magnification ×2500.

“iris” “sclera” Outside the “eye”

AAA1
(Bonded at 300 ◦C,
46.5% reduction)

   

AAB2
(Bonded at 400 ◦C,
49.5% reduction)

   

AAC3
(Bonded at 500 ◦C,

45% reduction)

   

In the AAB2 sample, obtained at 400 ◦C, the “iris” is covered with very dense and
deep dimples, indicating a strong diffusional bond. The dimples are slightly elongated,
indicating that this area failed under a combination of tension and shear. The “sclera” is
also mostly covered with dimples, which are very elongated as a result of the debonding
process under shear. In between the dimpled area there are patches of tearing (cracking
between primary voids), which create smooth surfaces. Outside of the “eye”, the fracture
surface is partially covered with very shallow dimples, indicating a considerably weaker
diffusional bonding. The rest of the surface is smoother, with outlines of intergranular
surfaces, indicating an intergranular brittle fracture. Ripples can also be detected, indicating
mechanical bonding took place as well.

In the AAC3 sample, obtained at 500 ◦C, the “iris” is covered with shallow dimples,
indicating a weak diffusional bonding. Their round shape indicates that this area failed
primarily in tension. The “sclera” looks similar to the same area in 400 ◦C, mostly covered
with elongated dimples as a result of the shear debonding; however, the dimples are larger
compared with the 400 ◦C “sclera”. Also present here are small areas of tear between
the dimples. Outside of the “eye”, the fracture surface is covered with dimples, mostly
shallow, but some areas have deeper dimples. In contrast with the lower temperatures,
this indicates the entire area outside the “eye” was bonded by diffusion, though shallow
dimples indicate a weak bonding strength. The round shape of the dimples indicates
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that this area failed mainly in tension. Underneath the dimples, ripples are also observed,
indicating mechanical bonding took place as well.

The change in features obtained at similar reductions at different temperatures is
assumed to result from the following two competing processes: the temperature-dependent
diffusion on the one hand, and the temperature-dependent oxidation rate on the other, both
of which increase with temperature. Before compression, the specimens are inserted into the
furnace, and are held for an additional 20 min after arriving at the destination temperature.
This allows time for the oxidation layer to build up. The oxidation rate in aluminum
and its alloys is larger as the temperature increases [24]. In order to obtain diffusional
bonding, the brittle oxidation layer needs to be broken in order to expose oxidation-free
aluminum. The ram velocity is constant; however, since the strain distribution along the
interface is non-uniform (see Section 4), the time required for achieving base metal-to-base
metal contact will change at different areas along the interface. When such contact is
achieved, the temperature is again an important factor for determining the diffusional
bond strength, since the diffusion coefficient is exponentially dependent on temperature [9].
The local pressure also influences the diffusion coefficient (which increases with pressure),
and by itself depends on the temperature, also through the flow stress. It seems, from the
resulting interface in Table 4, that the strongest diffusion bonding was achieved at 400 ◦C.
At 300 ◦C, the weaker bonding is probably due to the higher flow stress, which decreases
the formability, whereas at 500 ◦C the weaker bonding is assumed to result from a thicker
oxidation layer that has to be broken in order to enable base metal-to-base metal contact,
which is required for the diffusion bonding to take place.

These results are conflicting with the approximated bonding strength in Table 3, which
shows increasing strength with decreasing temperature. There are several causes for this
inconsistency. One of them is that the simple calculation τbonding ≈ Fmax/A0 assumes that
the entire interface is bonded. We can see from Table 4 that this is not the case. Moreover,
the microscopic features presented in Table 4 indicate that the bonding strength is not
uniform along the bonded portions of the interface. In addition, the debonding process
takes place at room temperature, after the specimens went through a heat treatment at
different temperatures (300–500 ◦C, during pre-heating and compression). Since Al6061 is
sensitive to heat treatments, the flow stress at room temperature will be different, which,
in turn, also influences the resulting stress required for debonding. As mentioned in the
introduction, there are several tests that are commonly used to determine the debonding
force (such as peel or shear tests). Using a similar calculation, such as Fmax/A0, on those
tests overlooks the aforementioned considerations, thus leading to erroneous conclusions.

4. Correlation between Computed Thermo-Mechanical Fields and
Microscopic Observations

In the previous section, the debonded interface was divided into three macroscopically
distinguishable areas—the “iris”, “sclera”, and the outside of the “eye”. In order to obtain
a better understanding of the thermo-mechanical fields that influenced these macroscopic
features and created the different surface textures, FE models of the specimens, compressed
at 300 ◦C, 400 ◦C and 500 ◦C to different degrees of reduction, were created. Mechanical
fields, such as the principal components of the strains and stresses, were examined along
the interface. Out of those, the ones that create contours that resemble the contours of the
“eye” are presented in Table 5, for several specimens. It is important to mention that the FE
thermo-mechanical models were only of the compression stage (i.e., the stage of bonding
creation), and the mechanical fields presented in Table 5 show the fields iso-contours when
reaching the final reduction in the specific specimen.

Table 5 shows the iso-contours of strain fields of several specimens at the end of the
compression test. Those include components of the principal strains and shear strain. The
interface between the beams at the beginning of the test lies on the x–z plane, so at the
beginning of the test, the maximal principal (largest tension) ε11 component is εzz, the mid
principal strain ε22 is εxx, and the minimum principal strain ε33 is the compression εyy.
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Table 5. Mechanical fields from FE models of the bonding interface when reaching the specimen’s final reduction.

Spec. AAA1 (Bonded at 300 ◦C, 46.5% Reduction) AAB2 (Bonded at 400 ◦C, 49.5% Reduction)

Macro image

  

E11 (Max. principal strain)

E22 (Mid principal strain)

 

E33 (Min. principal strain)

 
Spec. AAC3 (Bonded at 500 ◦C, 45% reduction) AAC4 (Bonded at 500 ◦C, 32% reduction)

Macro image

  

E11 (Max. principal strain)
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Table 5. Cont.

Spec. AAA1 (Bonded at 300 ◦C, 46.5% Reduction) AAB2 (Bonded at 400 ◦C, 49.5% Reduction)

E22 (Mid principal strain)

 

E33 (Min. principal strain)

 

It can be seen from Table 5 that the macroscopic features that create the contour of the
“eye” seem to be a superposition of the influences of the three principal strain components—
the approximately in-plane tension components ε11 and ε22, and the compression ε33
(normal to the interface). The relative magnitude between the components determines the
dominant features on the surface, which are connected to the principal strain component
iso-contours. The shape of the “eye” seems to be dominated by the ε22 component. The
“iris” seems to be associated with both ε11 and ε33. The “×” macroscopic pattern at 300 ◦C
seems to be a result of a dominant ε11 component (which reaches higher values at 300 ◦C).

The specimens AAC3 and AAC4 are both specimens that were bonded at 500 ◦C,
but reached different reductions—45% (AAC3) and 32% (AAC4). Contrary to similar
reductions at 400 ◦C and 300 ◦C, bonding was not created in specimen AAC4 (the two
beams did not hold together when removed from the furnace). Accordingly, there was
no detectable macroscopic pattern on the interface. In Table 5, the scale of the mechanical
fields is similar, so that they could be compared. The values of ε11, ε22, and ε33 across the
interface are clearly smaller in specimen AAC4 than in AAC3. It is assumed that there is
a certain degree of strain that has to be locally reached in order for the oxidation layer to
be broken. These strains lead to surface exposure and enable the base metal-to-base metal
contact required to create a diffusion bond between the surfaces [25]. The deformation of
specimen AAC4 was apparently insufficient for this degree of local strain to be reached.
Since the thickness of the oxidation layer is temperature (and time) dependent, this local
strain required for bonding is temperature dependent as well. This is consistent with the
experimental results, which show that bonding was obtained at similar and even smaller
reductions, in compression tests at lower temperatures, in which the oxidation layer is
expected to be thinner.

To quantify the influence of the thermo-mechanical fields on the bonding conditions,
the scalar bonding quality criterion used in [18] was utilized, as follows:

J =
t∫

0

k0
σp

σeq
exp
(

RT
Q

)
.
ε dt (1)

where σp, σeq are the pressure and equivalent stress, respectively,
.
ε is the stain rate, T [K] is

the temperature, R [J/mol K] is the universal gas constant and Q [J/mol] is the activation
energy for diffusion. The value of k0 depends on the material and surface conditions. The
bonding quality is assumed to increase for greater values of J, with some critical value Jcr
denoting full metallurgical bonding. Unlike the study in [18], which utilized the average

449



Materials 2021, 14, 3598

values from the experiment, in the current study, the local values of J were evaluated
using the computed time-dependent mechanical fields values. Average values of J in
each of the regions of interest, shown in Figure 8, were computed (J was calculated in
differential form at five nodal points in the FE model, sampling each area). The results
are provided in Figure 9, where k0 was taken as 1 and Q was taken as 124–144 [J/mol] for
300–500 ◦C, respectively.

 
Figure 8. Areas of interest where the different values of bonding quality parameter J where computed.

Figure 9. Comparison between bonding quality parameter J at the following temperatures: 300 ◦C (a), 400 ◦C (b), 500 ◦C (c)
at different reduction values. J at different temperatures with similar reduction of about 45% (d).
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It can clearly be seen in Figure 9a–c that the computed average values of J are consid-
erably higher in the “iris” region, for all temperatures considered. The J value decreases
in the “sclera” and in the area outside of the “eye”. It can also be seen that the trend in
J values between the different regions is maintained for all temperatures; however, the
differences between the regions are greater as the temperature increases. It can be seen in
Figure 9d that the average value of J in the “iris” is greater at 400 ◦C compared to the value
at 500 ◦C. This correlates to the findings shown in Table 4, which show the highest density
of dimples in the “iris” at 400 ◦C, compared to 500 ◦C and 300 ◦C. Figure 9d also shows
that similar values of J outside the “eye” are obtained for 400 ◦C and 500 ◦C, with smaller
values for 300 ◦C. These findings also correlate well with the metallurgical observation,
which shows the presence of shallow dimples at 400 ◦C and 500 ◦C, and almost no evidence
of metallurgical bonding at 300 ◦C. Nevertheless, the high value of J in the “sclera” at
300 ◦C, compared to 400 ◦C and 500 ◦C, does not seem to correlate with the metallurgical
observations, since at 300 ◦C only a fraction of the area shows evidence of metallurgical
bonding. Although the experimental/computational methodology presented in this study
seems promising for identifying the relation between the interface conditions and the
resulting bonding quality, more experimental data is required in order to determine the
critical value of J for full metallurgical bonding in Al6061.

5. Summary and Conclusions

Experiments, in conjunction with finite element modeling and metallurgical char-
acterization, were used to investigate the hot compression bonding of Al6061 beams.
Temperatures of 300–500 ◦C and deformations of up to 60% were considered. Tensile
debonding tests were conducted in order to expose which section of the interface was
actually bonded, and to obtain what is commonly considered the bonding strength. SEM
imaging was used to identify metallurgically bonded regions at the interface. It was re-
vealed that the actual bonded area is much smaller than the interface contact area. This
finding makes standard quantification of the bonding strength by Fmax/A0 underestimate
the true bonding strength. It was also shown that the bonded area follows a very distinct
pattern, which is temperature dependent. The finite element modeling demonstrated that
the principal plastic strain components, which develop across the interface, have similar
patterns. The results from the finite element models were also used to compute a scalar
bonding parameter J, which is deformation, temperature and time dependent. Good corre-
lation was shown between the spatial distribution of the computed bonding parameter J
and the microscopically observed inhomogeneity of the bonded areas across the interface.
Future work will include modeling of the debonding experiments, using the cohesive zone
approach to model the interface areas in order to provide a better understanding of the
variations in bonding strength.
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Appendix A. Verification of the Computational Models

To ensure that the discretization error is minimal, convergence tests were performed.
An explicit solver was used with mass scaling, so the convergence was checked for both
the mesh refinement (increasing number of degrees of freedom—DOFs) and for different
values of mass scaling for the chosen mesh. The two compressed bars were uniformly
meshed so that the elements had an aspect ratio of one, which was kept for all four
degrees of mesh refinement. As a test case, convergence was checked at 400 ◦C after
a 56% reduction in the bars (the largest reduction obtained in the tests). The pressure,
the strain component at y direction (εyy), and the equivalent plastic strain (εeq) (all
influencing the bonding strength) were extracted along the width, at the center of the
contact area (see Figure A1), at the end of the compression (at maximum displacement).
In addition, the force–displacement response was also examined. For the chosen value
of mass scaling (100,000), it was ensured that throughout the compression process the
kinetic energy was at least 100 times smaller compared with the internal energy. The mesh
included about 3 × 105–1.3 × 106 DOFs, respectively, for the entire model. The mesh used
throughout this work included about 5.7 × 105 DOFs, and a mass scaling value of 100,000.
Figure A2 demonstrates that convergence was achieved for the chosen mesh. A similar
examination was performed to ensure that the chosen mass scaling value also provides
converged results.

Figure A1. The two bars in contact before deformation. The red line indicates the path at the center
of the contact area, along which the mechanical fields were extracted.

Figure A2. An example of a convergence test for the case of compression at 400 ◦C to 56% reduction. Here, for the chosen
mass scaling value of 100,000, the mechanical fields (pressure—top, εyy—middle, and εeq—bottom) are examined for
different degrees of mesh refinement.
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