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Preface to ”Scientific and Engineering Progress

on Aluminum-Based Light-Weight Materials:

Research Reports from the German Collaborative

Research Center 692”

Academia and industry alike are faced with an ever-growing demand for energy-efficiency and 
reduced weights. Aluminum-based light-weight materials offer great potential for novel engineering 
applications, particularly when they are optimized to exhibit high strength and yet provide sufficient 
reliability. The last decade has thus seen substantial activity in the research fields of high-strength 
aluminum alloys and aluminum-based composite materials.

For twelve years, backed by solid funding from the German Research Foundation (Deutsche 
Forschungsgemeinschaft, DFG), scientists of the Collaborative Research Center “High-strength 
aluminum-based light-weight materials for safety components” (SFB 692) at TU Chemnitz, Germany, 
have contributed to this research area. Our research efforts have been focused on three main 
areas: ultrafine-grained aluminum alloys produced by severe plastic deformation; aluminum matrix 
composites; and aluminum-based composite materials (including material combinations such as 
magnesium/aluminum or steel/aluminum and the corresponding joining and forming technologies). 
The framework of SFB 692 has served as a base for numerous scientific collaborations between 
scientists in the fields of materials scientists, design engineering, forming technology, production 
engineering, mechanics, and even economics—in Chemnitz, and with many well-established 
international experts throughout the world.

While research on these topics will certainly continue in Chemnitz during the coming years, 
funding of our SFB 692 has run out as we have reached the funding program’s regular limit. The 
German Research Foundation encourages a concerted effort of joint publications to summarize the 
scientific progress achieved in Collaborative Research Centers. This is why the governing board 
of SFB 692 decided in mid-2017 to organize and publish a Special Issue in the well-established 
open access journal, Metals, with a focus on recent results on high-strength aluminum-based 
light-weight materials, and with the aim of also providing a broad overview of research activities 
in SFB 692. As the Speaker of SFB 692, I have been pleased to see that a substantial number 
of manuscripts have been submitted by our researchers (many of them joint work from several 
projects), and almost all of them passed quickly through the external, high-quality peer review 
of the Metals journal. As Metals is an open access journal, all papers can be found online at: 
http://www.mdpi.com/journal/metals/special issues/German Collaborative Research Center 692.

It is my pleasure to present these scientific papers from this Special Issue as a printed version in 
this book.

Martin F.-X. Wagner

Special Issue Editor
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1. Introduction and Scope

Academia and industry alike are faced with an ever-growing demand for energy-efficiency and
reduced mass. Aluminum-based light-weight materials offer great potential for novel engineering
applications, particularly when they are optimized to exhibit high strength and yet provide
sufficient reliability. The last decade has thus seen substantial activity in the research fields of
high-strength aluminum alloys and aluminum-based composite materials. For twelve years, backed
by substantial funding of the German Research Foundation (Deutsche Forschungsgemeinschaft, DFG,
Bonn, Germany), scientists of the Collaborative Research Center “High-strength aluminum-based
light-weight materials for safety components” (SFB 692) at TU Chemnitz, Germany, have
contributed to this research area. Our research efforts have been focused on three main areas:
ultrafine-grained (UFG) aluminum alloys produced by severe plastic deformation; aluminum matrix
composites (AMCs); and aluminum-based composite materials (including material combinations like
magnesium/aluminum or steel/aluminum and the corresponding joining and forming technologies).
The framework of SFB 692 has served as a basis for numerous scientific collaborations between scientists
from the fields of materials science, design engineering, forming technology, production engineering,
mechanics, and even economics—in Chemnitz, and with many well-established experts throughout
the world. This Special Issue, comprising 15 scientific papers, represents a joint effort to provide a
broad overview of our research activities in the field of aluminum-based light-weight materials, and to
bring some recent and relevant results to the attention of a wider international audience.

2. Contributions

A key topic studied in the Research Center is the science and engineering of ultrafine-grained
materials produced by severe plastic deformation (SPD), where large amounts of plastic deformation
at room temperature lead to a gradual formation of very fine grains via the stages of accumulation of
dislocations in cell walls and the formation of small and large angle grain boundaries [1]. Over the
years, advances in the field of SPD processing [2,3] have strongly influenced the scientific approach of
our Chemnitz consortium. Three main SPD techniques are well established by now—accumulative
roll bonding (for the production of UFG sheet materials), high pressure torsion (for the generation of
small sample volumes with grain sizes down to a couple of nanometers or even into the amorphous
state), and equal-channel angular pressing (ECAP). The latter method, pioneered in the early 1980s in
Russia [4,5], has become the flagship process of Chemnitz’s materials engineers. Even today, ECAP
represents the only viable approach that provides relatively large volumes of bulk UFG materials—an
important requirement for industrial applications that can then exploit the high strength of these
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UFG structural materials. We have put much effort into up-scaling of our ECAP dies to industrially
relevant scales [6,7]—in fact, with a cross-section of 50 × 50 mm2, our researchers have access to an
experimental setup that is one of the largest ECAP dies in the world.

Several papers in this Special Issue deal with ECAP and related SPD methods. Horn et al. [8]
address heterogeneous shear deformation during ECAP. While nominally, the simple shear occurring
in the ECAP die’s shear zone is expected to be homogeneous, the formation of shear bands adjacent
to less deformed matrix bands in a regular pattern is an interesting experimental phenomenon
that raises questions on the (macro-scale) homogeneity of conventional ECAP billets. The paper
summarizes a careful modeling approach that leads to a close agreement with experimental findings.
Moreover, the authors’ interpretation of the deformation mode in the light of bifurcation analysis may
well lead to a more general description of shear instabilities during ECAP. The paper by Fritsch et
al. [9] deals with low-temperature ECAP—a technique that makes it possible to process an AA7075
alloy that is not sufficiently ductile to deform by ECAP at room temperature. The paper’s main focus
is on the positive effects of suitable heat treatments prior to ECAP processing, highlighting the effect of
precipitates on grain refinement during subsequent, low-temperature deformation. Berndt et al. [10]
move beyond the conventional understanding of SPD processing as a simple deformation that
maintains the macroscopic geometry of a billet. They report on low-temperature extrusion of an
AA6060 alloy, exploring the idea of producing fine-grained or even UFG microstructures while
generating billet shapes that can, in principle, be more complex than conventional ECAP billets with
square or circular cross-sections. While a low-temperature extrusion process leads to microstructural
gradients that can be partially homogenized by subsequent aging heat treatments, gradation extrusion,
as described in the paper by Frint et al. [11], represents a forming technique that explicitly aims at
creating distinct gradients. The method, developed at the Chemnitz Fraunhofer Institute for Machine
Tools and Forming Technology (IWU), limits SPD to the surface regions, and hence produces billets
that are fine-grained at the surface, but coarse-grained (and hence more ductile) in the center.

Magnesium alloys exhibit an even lower density than aluminum alloys, but are prone to corrosion.
An obvious solution is to combine magnesium and aluminum alloys in a component, for instance,
by cladding the aluminum part around a magnesium core. This approach is discussed in detail by
Förster et al. [12], who performed both co-extrusion and die-forging experiments in combination
with detailed numerical analysis to fully model the entire processing chain. Intermetallic phases are
likely to form when different alloys are joined at elevated temperatures to produce a macroscopic
component, and the growth and fragmentation of such phases play an important role during
forming of the aluminum/magnesium compounds studied in our Research Center. Kirbach et al. [13]
investigate the properties of the corresponding boundary layers from a fracture mechanics perspective.
When dealing with UFG microstructures, thermal stability becomes an important factor, and high
temperatures often cannot be used for joining processes. Consequently, Habisch et al. [14] study the
potential of diffusion-bonding of aluminum alloys and magnesium with different interlayer materials.
Scherzer et al. [15] report on a different kind of component; they present dedicated Finite Element
simulations of the Presta joining process for assembled camshafts. Joining steel and aluminum in
such a component is challenging, for instance, because of thermal expansion. The careful simulations
presented here allow for a detailed analysis of all forming steps that reproduce even subtle features of
the real life process chain.

Using particles (like SiC) as reinforcements represents an alternative approach for increasing
the strength of aluminum alloys in AMCs. Introducing such particles, of course, leads to all sorts
of novel phenomena and materials engineering challenges. In this Special Issue, Härtel et al. [16]
analyze the mechanical behavior of an SiC-reinforced AA2017 alloy at different strain rates and
temperatures. They document that pronounced localized deformation is related to the growth of
Portevin-Le Châtelier bands. Siebeck et al. [17] consider the high-temperature deformation of different
AMCs, with a specific focus on the effect of mechanical alloying of small additions of boron on creep
resistance. Completing the multifaceted investigations on the thermo-mechanical behavior of bulk
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AMCs, Winter et al. [18] discuss the effects of different sizes and volume fractions of SiC reinforcements,
and of testing temperature, on the high cycle fatigue behavior of a reinforced AA2124 alloy.

In many engineering materials, fatigue life can be massively increased by suitable modifications
of the surface. The paper by Nestler and Schubert [19] documents how roller burnishing of an AMC
can produce high-quality surfaces and also introduce compressive residual stresses, which can be
particularly beneficial for improving the fatigue behavior. Surface properties also come into play when
wear and corrosion dominate a component’s life span. Sieber et al. [20] show that hard anodizing
in sulphuric acid is an energy-efficient process that provides good abrasion resistance of conversion
coatings. In ever-more complex combinations of materials in machine parts and components, the need
may arise to combine AMCs with either aluminum alloys or with steel. Grund et al. [21] analyze how
arc brazing can be used as a joining method at relatively low temperatures in such cases. As materials
scientists and engineers, we are often intrigued when new processing techniques make it possible to
produce novel materials with interesting microstructures. This may be particularly true for composite
materials, where the sheer number of possible combinations and variations of matrix materials and
reinforcements is staggering. Yet, considering properties in relation to costs, many of these materials
will never make it into real-world applications. The detailed economic analysis by Schmidt et al. [22],
combining technology, user and market analyses, is all the more encouraging: it emphasizes the
economic potential of AMCs, particularly related to their high strength and weight reduction.

3. Conclusions and Outlook

The Collaborative Research Center SFB 692 has, at this point, reached the funding
program’s regular limit—so where will we go from here? Research on many of the topics highlighted
in this Special Issue will certainly continue in Chemnitz during the coming years. In the field of SPD
methods, we have demonstrated that reliable, reproducible application of ECAP still poses many
challenges, from materials engineering to physical metallurgy. Likewise, the development of new
AMCs with improved properties is far from finished, and light-weight components made of multiple
materials, for instance in hybrid structures, are currently a hot topic both for industry and fundamental
science. Making materials lighter, yet strong and reliable, will certainly remain an attractive goal
for scientific endeavors for many years to come. As former Speaker of the Collaborative Research
Center SFB 692, I do hope that this Special Issue promotes the ideas developed in Chemnitz and in our
extended scientific network, and that many readers find our papers of sufficient interest to stimulate
ideas of their own.

Conflicts of Interest: The author declares no conflict of interest.
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Abstract: Processing of AA6060 aluminum alloys for semi-products usually includes hot extrusion
with subsequent artificial aging for several hours. Processing below the recrystallization temperature
allows for an increased strength at a significantly reduced annealing time by combining strain
hardening and precipitation hardening. In this study, we investigate the potential of cold and warm
extrusion as alternative processing routes for high strength aluminum semi-products. Cast billets
of the age hardening aluminum alloy AA6060 were solution annealed and then extruded at room
temperature, 120 or 170 ◦C, followed by an aging treatment. Electron microscopy and mechanical
testing were performed on the as-extruded as well as the annealed materials to characterize the
resulting microstructural features and mechanical properties. All of the extruded profiles exhibit
similar, strongly graded microstructures. The strain gradients and the varying extrusion temperatures
lead to different stages of dynamic precipitation in the as-extruded materials, which significantly alter
the subsequent aging behavior and mechanical properties. The experimental results demonstrate that
extrusion below recrystallization temperature allows for high strength at a massively reduced aging
time due to dynamic precipitation and/or accelerated precipitation kinetics. The highest strength
and ductility were achieved by extrusion at 120 ◦C and subsequent short-time aging.

Keywords: aluminum alloy; cold extrusion; warm extrusion; severe plastic deformation (SPD);
dynamic aging; precipitation hardening

1. Introduction

Aluminum alloys of the 6xxx series, which are prominent examples for many structural applications
in automotive and aviation industry, are usually processed by hot extrusion. Their mechanical properties
are then adjusted by a subsequent heat treatment since the alloying elements Mg and Si enable an
effective precipitation hardening the low flow stress at elevated temperatures allows for high extrusion
ratios (ratio of cross sectional area of the billet versus the extrudate) as well as pressing speeds.
For processing of the AA6060 aluminum alloy, which has a very high formability, and therefore is
one of the most commonly used aluminum alloys, the homogenized billets are typically extruded
at temperatures between 400 and 500 ◦C, followed by water or air quenching [1]. Enhancing the
strength of the extruded semi-products by artificial aging at 160 to 180 ◦C takes up several hours.
One effective, alternative processing strategy that considerably reduces aging times and additionally
increases strength is cold deformation of the as-solutionized material. The high densities of dislocations
and vacancies produced by large plastic strains ensure effective strain hardening; they also increase
the diffusion rates of solute atoms, and can therefore significantly accelerate precipitation kinetics [2,3].
In case of severe plastic deformation (SPD), e.g., by equal-channel angular pressing (see e.g., [4–6])

Metals 2018, 8, 51; doi:10.3390/met8010051 www.mdpi.com/journal/metals5
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or high-pressure torsion, a rearrangement of dislocations into cell walls and subsequently into small
and large angle grain boundaries results in the formation of fairly homogeneous ultrafine-grained
(UFG) microstructures [7]. At elevated temperatures, partial or complete dynamic precipitation
may also occur during SPD [8–11]. The strengthening effect of subsequent artificial aging therefore
strongly depends on the amount of applied (equivalent) strain, as well as on the aging temperature.
The strengthening effects is, however, often limited: age hardening can be suppressed or even replaced
by age softening [12–14].

In our previous study [15], we investigated an unconventional processing technique for the
AA6060 aluminum alloy that aimed at combining the benefits of SPD processing (high strength,
short aging time) and extrusion (change of shape) by extruding below recrystallization temperature.
We characterized two ways of processing that significantly increase hardness and strength when
compared to the conventional T6 condition—sequential and simultaneous extrusion and aging,
respectively. While the first—room-temperature extrusion and subsequent aging—results in a more
homogenous distribution of strength and a slightly higher ductility, the second—extrusion at aging
temperature (170 ◦C)—benefits from lower pressing forces and advanced dynamic precipitation.

As none of these strategies fully exploit the potential of combined strain and precipitation
hardening, the present study is focused on the optimization of mechanical properties by extrusion
at 120 ◦C, followed by a suitable heat treatment. We compare the microstructural features and
aging behavior of the extruded material with the results from our previous study and we show
how our optimized processing route allows for the fabrication of rod-shaped semi-products with a
homogeneously distributed maximum hardness as well as strength and a reasonable ductility.

2. Materials and Methods

The material used in this study is the precipitation hardenable aluminum alloy AA6060, with a
chemical composition of 0.5Si-0.5Mg-0.2Cu-0.2Fe-balance Al (wt %). Billets of the continuous cast
material were solid-solution annealed for 3 h at 530 ◦C, and then water-quenched to room temperature.
Backward-extrusion was carried out in horizontal extrusion press with a maximum press capacity
of 8 MN. The diameters of the cast billets and of the containers were 107 and 110 mm, respectively.
A flat die with an inner diameter of 45 mm was used, resulting in an extrusion ratio (ratio of billet
cross-section area vs. extrudate cross-section area) of about 6.

Three different processing temperatures were selected for extrusion. On the one hand, extrusion
was performed at room temperature (RT), which results in maximum strain hardening of the aluminum
alloy. On the other hand, extrusion was performed at elevated temperatures of 120 (intermediate
temperature—IT) and 170 ◦C (which corresponds to the conventional aging temperature of this
alloy—AT) in order to reduce pressing forces and to promote dynamic precipitation. Because
it directly combines two essential processing steps, extrusion at these temperatures presents an
economically promising approach. To prevent an excessive temperature increase related to friction
and quasi-adiabatic heating, extrusion was carried out at a low ram speed of 18 mm/min. In addition,
Bechem Beruforge 150D, a lubricant that is well suited for cold forming of aluminum [16], was applied
to the contact areas between the billets and the die. For AT-extrusion, the billets were heated to
170 ◦C in an induction furnace, while the die was heated in a convection furnace prior to processing.
The container was held at a temperature of 150 ◦C during the entire pressing operation. For IT-extrusion,
all processing temperatures (billet, die, and container) were heated to 120 ◦C. The IT- and AT-extrudates
were spray-cooled at the runout of the press.

The aging behavior of the extruded material was studied after artificial aging (performed in a
convection furnace at 170 ◦C, with annealing times ranging from 1 to 6000 min) using an automatic
hardness tester (KB250BVRZ, KB Prüftechnik GmbH, Hochdorf-Assenheim, Germany). Vickers
hardness (HV1) was measured on the longitudinal planes of the extrudates (i.e., planes containing
the extrusion direction and a radial direction). Flat specimens for tensile testing were cut along the
extrusion direction using wire electric discharge machining (see Figure 1). Quasi-static tensile testing
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was performed at room temperature with an initial strain rate of 10−3 s−1 using a Zwick/Roell
Z020 universal testing machine with a 20 kN load cell. Strains were measured using a digital image
correlation system (GOM GmbH, Braunschweig, Germany).

 

Figure 1. Schematic representation of sample extraction for tensile testing. Flat miniature tensile
specimens were cut from the extruded material using wire electric discharge machining.

Samples for microstructural analysis by scanning electron microscopy (SEM) and transmission
electron microscopy (TEM) were extracted from the transverse planes at the centers and in the
peripheral areas of the extrudates. For electron back-scatter diffraction (EBSD) measurements,
the samples were mechanically prepared by a standard grinding and polishing procedure with
an additional vibratory polishing step for one hour in aqueous colloidal SiO2 solution. The EBSD
patterns were collected with an EDAX detector using a Zeiss Neon 40 field emission scanning electron
microscope at an acceleration voltage of 10 kV and with an aperture of 120 μm. Post-processing
included a slight clean-up of the raw data (neighbor confidence index correlation). The TEM samples
were mechanically thinned to approximately 80 μm followed by twin jet electro-polishing (Tenupol-5,
electrolyte: A7, −32 ◦C). TEM was carried out using a Hitachi H8100 TEM with an acceleration voltage
of 200 kV.

3. Results and Discussion

3.1. Microstructural and Mechanical Characterization of the as-Extruded Material

As discussed in detail in our previous study [15], cold and warm extrusion of an AA6060
aluminum alloy results in relatively similar, heterogeneous microstructures that exhibit two
characteristic regions: The majority of the extrudate’s cross sectional area consists of a microstructure
containing both coarse and fine grains that are elongated parallel to the direction of extrusion.
Towards the surface, a distinct layer with a width of about 2 mm is observed. This layer exhibits an
(ultra)fine-grained pancake-microstructure, i.e., the grains are elongated parallel to the direction of
extrusion, as well as parallel to the circumference of the extrudate [15].

The microstructures of the center areas and surface layers of the as-extruded conditions are shown
in Figure 2. The (large angle) grain boundary maps (obtained by EBSD) show a similar microstructure
for the center areas (Figure 2a–c), where areas of large grains can be found next to areas containing
considerably smaller grains. In the surface layers, a similar bimodal-like microstructure can be observed.
However, the overall grain size is much smaller, i.e., areas of fine grains exist next to UFG areas
(Figure 2d–f). The fraction of UFG areas is the highest after RT-extrusion with about 50% of the area
shown in the grain boundary map (Figure 2d). In contrast, the UFG areas of the IT- and AT-extruded
materials correspond to only about 20% of the scanned area (Figure 2e,f). This indicates an earlier
stage of the grain refinement process after warm extrusion, which is most likely caused by the more
pronounced recovery during extrusion at elevated temperatures.
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Figure 2. Microstructure of the center areas (a–c) and surface layers (d–f) of the extruded materials.
The grain boundary maps were obtained by electron back-scatter diffraction (EBSD) (step size of 500 nm
for the center areas and of 100 nm for the surface layers) and show the distribution of large angle grain
boundaries with a minimum misorientation angle of 15◦.

Further differences regarding the microstructure after cold and warm extrusion are shown in
Figure 3. The TEM bright-field micrographs were taken from the center areas and surface regions of
the three extrudates and illustrate the effect of dynamic precipitation during deformation at elevated
temperatures. While no precipitates could be found in the center area or the surface layer of the
RT-extruded material (Figure 3a,d), precipitates of varying size were found in both of the regions
after IT- (Figure 3b,e) and AT-extrusion (Figure 3c,f). For extrusion at both 120 and 170 ◦C, the center
areas exhibited small precipitates in the grain interiors (areas marked by dashed white ellipses) and
slightly larger ones in the proximity of grain boundaries (see black ellipse in Figure 3b). Please note
that the size of the coherent β”-precipitates is rather low (needle-shaped with several ten nanometers
in length and less than ten nanometers in diameter), which makes them difficult to recognize in the
TEM micrographs, In the surface layers precipitation often took place in close proximity to the grain
boundaries (dashed black ellipses in Figure 3e) and overall larger precipitates—when compared to the
center areas—were observed. For AT-extrusion, cuboid-shaped precipitates with a diameter of about
80 nm were observed in the surface layer (Figure 3f, dashed black circle), which strongly indicates the
beginning of over-aging in this region.

In order to characterize the mechanical properties of the extruded materials, Vickers hardness
was measured as a function of distance from the extrudates’ surfaces (Figure 4). For the RT-extruded
material, the lowest hardness occurs in the center area and then increases towards the periphery,
corresponding to an increasing amount of plastic deformation. Near the surface layer, starting at a
depth of approximately 2–2.5 mm, a sharp increase of hardness is observed; this increase likely results
from an additional grain boundary strengthening effect due to the (ultra)fine-grained microstructure.
A similar surface layer hardness of about 103 HV was measured for all as-extruded conditions.
In contrast to the hardness profile of the RT-extruded material, however, the decrease of hardness
towards the center is not as pronounced after IT-extrusion, and the AT-extruded material actually
exhibits a slightly increasing hardness from the surface towards the center of the extrudate. Therefore,
despite the UFG microstructure that was also observed in its surface layer, a higher hardness could
be obtained in the coarser grained center area. This effect is most probably related to the different
stages of precipitation in the core when compared to the surface of the AT-extruded material, as also
indicated by the microstructural features documented in Figure 3c,f.
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Figure 3. Transmission electron microscopy (TEM) bright-field images taken from the center areas (a–c)
and surface layers (d–f) of the extruded material. While room temperature (RT)-extrusion does not
initiate dynamic precipitation, precipitates with diameters ranging from a few nanometers up to 80 nm
were found both in the IT- and AT-extruded materials (areas containing precipitates are highlighted by
white and black ellipses).

 

Figure 4. Vickers hardness as a function of distance from surface for the as-extruded materials after
RT- (circles), IT- (120 ◦C, triangles) and AT-extrusion (170 ◦C, squares). Dashed red and blue ellipses
highlight hardness values that represent the surface layers and the center areas, respectively.

3.2. Aging Behavior of Cold and Hot Extruded Materials

To study the aging behavior of the surface layers and the center areas, Vickers hardness was
measured after aging for different times at 170 ◦C (Figure 5). The first data points (at an aging time
of 0.01 min) represent the first and last points of the hardness distribution curves of the as-extruded
conditions, as marked by the dashed red and blue ellipses in Figure 4. Although the initial core
hardness (blue curves) differs strongly for the investigated extrusion temperatures, a similar maximum
hardness of about 109 to 115 HV can be achieved at aging times that range from 40 to 90 min.
In contrast, the three extrudates exhibit a similar initial surface hardness (red curves), which then
develops diversely during aging: While it is possible to increase the hardness of the surface layer
after IT-extrusion up to 115 HV by artificial aging for about 40 min, age softening occurs after RT-
and AT-extrusion. In the case of AT-extrusion, the softening effect sets in with the beginning of the
additional annealing, which corresponds to the beginning of over-aging, as already discussed on the
basis of the TEM micrographs (Figure 3). For the RT-extruded material, hardness remains constant
for about 100 min before significant softening sets in. As discussed in [15], this probably results
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from a dynamic equilibrium of the competing processes of precipitation hardening and softening
by temperature-driven recovery. As it is likely to have already recovered during warm extrusion,
and because it does not exhibit unusually large precipitates like the AT-extruded material, the surface
layer of the IT-extruded material maintains its potential for precipitation hardening.

 

Figure 5. Vickers hardness plots of the surface layers and the center areas of the extruded materials as
a function of aging time at 170 ◦C for (a) RT-extrusion; (b) IT-extrusion (120 ◦C); and, (c) AT-extrusion
(170 ◦C). Material conditions with the highest homogenous hardness (“optimized” material conditions)
are marked for all the extruded materials (labels in circles).

3.3. Microstructural and Mechanical Characterization of Optimized Material Conditions

On the basis of the hardness data presented in Figure 5, one condition with the highest
homogeneous hardness was chosen as “optimized” material for each extrusion temperature:
RT-extruded and peak-aged (50 min at 170 ◦C; labeled T8 in Figure 5), IT-extruded and aged for 50 min
(labeled IT50) and AT-extruded without subsequent aging (as-extruded; labeled ATE). Additional TEM
investigations were performed to relate microstructural changes during aging with the documented
changes in terms of mechanical properties. TEM analysis of the optimized conditions T8 and IT50

(Figure 6) showed that artificial aging for 50 min results in finely dispersed precipitates that are
responsible for the increased hardness values. Precipitation occurred both in the center areas and in
the surface layers, therefore contributing to an improved homogeneity of hardness values, particularly
in the RT-extruded material condition.

 

Figure 6. TEM bright-field images taken from the center areas (a,b) and surface layers (c,d) of the
extruded and artificially aged material. Both conditions T8 and IT50 exhibit very fine precipitates in the
center areas as well as in the surface layers.
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The tensile properties were characterized in great detail by examining tensile test data as a
function of distance from the extrudate surface. The results are summarized in terms of yield strength
(YS), ultimate tensile strength (UTS), uniform elongation (UE), and elongation to failure (ETF) in
Figure 7. For the ATE material condition, the evolution of YS is similar to the corresponding hardness
curve, with the lowest value near the surface (308 MPa) and increasing values towards the center
(>350 MPa). In contrast, the YS of both aged conditions T8 and IT50 can be considered constant over
the cross section despite the differences in microstructure. As shown in Figure 7b, the UTS of all the
investigated conditions is similarly distributed over the cross section with values increased by about
15 to 20 MPa when compared to the respective YS. The highest UTS of 380 MPa is measured for the
IT-extruded and artificially aged material. When compared to the peak-aged (2000 min at 170 ◦C)
cast material with an UTS of 289 MPa, this represents an increase by about 31%. Regarding UE, all
conditions exhibit a similar distribution with lowest values near the surface and increased ductility in
the center area. The lower ductility in the surface layer is likely to result from the maximum amount of
cold work in this region, which leads to a low hardening rate and to early necking of the specimens
during tensile testing. The overall somewhat better uniform elongation of the T8 and IT50 conditions is
assumed to result from the additional heat treatment that allowed for a reduction of lattice defects by
recovery mechanisms.

 

Figure 7. Overview of the tensile properties of the optimized conditions T8 (RT-extrusion and peak
aged, circles), IT50 (IT-extrusion and aged for 50 min, triangles) and ATE (AT-extrusion, as-extruded,
squares) as a function of distance from the surface. (a) Yield strength; (b) ultimate tensile strength;
(c) uniform elongation; and, (d) elongation to failure.
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4. Summary and Conclusions

We have studied the effect of extrusion temperature on the aging behavior and the resulting
mechanical properties of cylindrical rods that were extruded from cast billets of an AA6060 aluminum
alloy at room temperature (RT), at 120 ◦C (IT), and at 170 ◦C (AT), respectively. As discussed in our
previous study [15], cold and warm extrusion of this alloy results in heterogeneous microstructures
with rather coarse elongated grains in the center areas, and a partially ultrafine-grained pancake
microstructure in the surface layers, of the extrudates. Due to the different processing temperatures
and the gradient of plastic straining between core and surface of the extrudates, various stages of
the precipitation sequence were observed in the as-extruded material. We found that the extent of
strain hardening and dynamic precipitation significantly alter the effects of a subsequent artificial
aging. While AT-extrusion fully exploits the effects of dynamic aging—resulting, e.g., in the lowest
processing time—it leads to a high, but heterogeneous strength with the lowest ductility (uniform
elongation). Processing at RT with a subsequent short-time aging for 50 min at 170 ◦C offers an evenly
distributed strength at a similar level and a higher ductility. When considering these parameters,
the best mechanical properties were obtained by extrusion at IT and short-time aging (50 min),
which offers an increase of strength by about 31% at a reduction of aging time by 97.5%.
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Abstract: Equal-Channel Angular Pressing (ECAP) is a method used to introduce severe plastic
deformation into a metallic billet without changing its geometry. In special cases, strain localization
occurs and a pattern consisting of regions with high and low deformation (so-called shear and matrix
bands) can emerge. This paper studies this phenomenon numerically adopting two-dimensional
finite element simulations of one ECAP pass. The mechanical behavior of aluminum is modeled
using phenomenological plasticity theory with isotropic or kinematic hardening. The effects of the
two different strain hardening types are investigated numerically by systematic parameter studies:
while isotropic hardening only causes minor fluctuations in the plastic strain fields, a material
with high initial hardening rate and sufficient strain hardening capacity can exhibit pronounced
localized deformation after ECAP. The corresponding finite element simulation results show a regular
pattern of shear and matrix bands. This result is confirmed experimentally by ECAP-processing of
AA6060 material in a severely cold worked condition, where microstructural analysis also reveals the
formation of shear and matrix bands. Excellent agreement is found between the experimental and
numerical results in terms of shear and matrix band width and length scale. The simulations provide
additional insights regarding the evolution of the strain and stress states in shear and matrix bands.

Keywords: equal-channel angular pressing; ECAP; shear band; matrix band; kinematic hardening;
FEM; strain localization

1. Introduction

Equal-Channel Angular Pressing (ECAP) is a severe plastic deformation (SPD) process developed
by Segal [1,2]. During ECAP, a billet with a typically square or circular cross-section is pressed through
an angled channel. Both channels (entrance and exit channel) are intersected by a shear plane, where a
shear deformation is introduced into the material. The angle between these two channels (Φ) and the
angle of the outer curvature (Ψ) inside the “L”-shaped channel (cf. Figure 1) control the amount of
introduced (effective) strain [3].

In the most common ECAP dies (Φ = 90◦, Ψ = 0◦), the introduced effective strain is
approximately 1.15 after a single pass. As a consequence of the severe plastic deformation, grain
refinement occurs. Grain refinement results in a higher yield strength since geometrical boundaries
are effective obstacles for dislocation motion [4,5]. In addition, an extraordinarily high ductility is
observed in many materials after multiple ECAP passes [6–8].

Metals 2018, 8, 55; doi:10.3390/met8010055 www.mdpi.com/journal/metals14
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Figure 1. Sketch of an Equal-Channel Angular Pressing (ECAP) channel with the channel angle Φ and
the angle Ψ defining the outer curvature.

For most metallic materials, the billet is deformed predominantly homogeneously during
ECAP [8–10]. However, under certain conditions, pronounced strain localization occurs and results
in heterogeneous microstructures consisting of regions with large inherent strain (shear bands) and
regions with much lower strains (matrix bands) [11–15].

In addition to experimental investigations, finite element (FE) simulations have been carried
out to understand the ECAP process in greater detail. For this purpose, multiple parameter studies
were conducted, e.g., studying the effect of variations of the channel angle Φ [16–19], the angle of the
outer curvature Ψ [18–23], the strain rate [24–26] as well as the friction between the channel and the
billet [16,18,23,26,27]. However, within this huge body of scientific work, only a few papers address the
simulation of strain localization [24,28,29]. In those papers, strain softening behavior had to be used in
order to simulate strain localization in distinct bands. Figueiredo et al. showed that the occurrence
of shear bands depends on the initial flow-softening rate and the steady-state stress [28] as well as
the strain rate [24]. Furthermore, most of the aforementioned finite element studies do not contain a
convergence study for their simulation model and in some cases an automatic remeshing function was
used to reach a stable simulation [18,20,24,29].

The present paper shows both experimentally and numerically that strain localization during
ECAP can even occur for a strain hardening material. To this end, explicit finite element simulations are
conducted. In order to achieve reliable FE solutions, systematic convergence studies are performed.
As a special feature, the billet is meshed with pre-oriented rhomboid-shaped elements such that
remeshing is not necessary. The role of two types of hardening—isotropic and kinematic—is
investigated numerically by varying the corresponding material parameters. It is found that only
kinematic hardening leads to the emergence of localized deformation in a form of shear and matrix
bands. The simulation results are compared thoroughly to corresponding ECAP experiments on billets
made of an AA6060 alloy. Finally, the origin of the heterogeneous plastic flow is discussed both from a
microstructural and a mechanical point of view, representing a starting point for further basic research
on localization phenomena during SPD processing.

2. Simulation Model

Isothermal and frictionless 2D plane-strain finite element simulations of one pass of ECAP were
conducted using the commercial explicit finite element code Abaqus (Version 6.14-4). For the contact
between ECAP tool and billet, the Abaqus penalty algorithm is used employing a contact stiffness
factor of 0.8. The geometry parameters specifying the ECAP process are shown in Figure 2: d is the
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diameter of the billet with cross-sectional area of d × d and length h. Φ is the channel angle, Ψ the
angle of the outer curvature, r is the outer and R the inner edge radius. The outer edge radius is
defined via the diameter d, the angle of the outer curvature and the channel angle:

r =
Ψd

χ cos
(

1
2 (χ − Ψ)

) with: χ = π − Φ .

The gray area in Figure 2 is a 2D representation of the billet with the length h and the width d,
which is equal to the diameter of the entrance channel. The geometry parameters for the 2D model
presented in Table 1 are chosen in analogy to the parameters used for the experimental investigations
shown later.

Table 1. Geometry parameters for the simulation model (cf. Figure 2).

Φ Ψ R d dex h len lex l1 l2

90◦ 1◦ 5r 50 mm 52 mm 300 mm 300 mm 75 mm 5 mm 41 mm

Figure 2. Sketch of the simulation model with the relevant geometrical parameters.

To simulate the ECAP process, a version of the elastic visco-plastic material model of Shutov and
Kreißig [30] is used (cf. Table 2). It is based on the multiplicative decomposition of the deformation
gradient F = Fi · Fe and of the inelastic part of the deformation gradient Fi = Fii · Fie. The rheological
representation of the model [31] is shown schematically in Figure 3.

Figure 3. Rheological representation of the material model with the material parameters.
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The elastic behavior is modeled with a Neo-Hookean spring and the plastic flow is represented by
a parallel connection of a St. Venant element with an endochrone element that describes the kinematic
hardening of an Armstrong-Frederick type [32]. Furthermore, the St. Venant element incorporates the
yield stress and the isotropic hardening of Voce type [33]. Normally, the visco-plastic flow is prescribed
with Perzyna’s rule [34]. However, in the present study, rate-independent plastic flow is assumed.

Table 2. Constitutive equations of the applied elastic-plastic material model.

stress: T̃ · C =K ln
(

I3
(

C
))

I + G
(

C−1
i · C

)D
(1)

flow rule: C−1
i · �

C i =
λ̇

F

(
T̃ · C − T̃ i · Ci

)D
(2)

with: I3

(
0Ci

)
=1 and Ci|t=t0 = 0Ci

kinematic hardening: T̃ i · Ci =
ckin

2

(
C−1

ii · Ci

)D
(3)

C−1
ii · �

C ii =
1
2

λ̇κckin

(
C−1

ii · Ci

)D
(4)

with: I3

(
0Cii

)
=1 and Cii|t=t0 = 0Cii

flow function: Φ =F−
√

2
3
(σF0 + R) (5)

equivalent stress: F =N

((
T̃ · C − T̃ i · Ci

)D
)

(6)

with: N
(
X
)

:=
√

Xab Xba (7)

isotropic hardening: Ṙ =ṡ (γ − βR) with: ṡ =

√
2
3

λ̇ (8)

effective plastic strain: s(t) =
∫ t

τ=0
ṡ(τ)dτ (9)

KKT conditions: λ̇ ≥ 0, Φ ≤ 0, λ̇Φ = 0 (10)

Note that the constitutive model is a purely phenomenological elastic-plastic model with
isotropic and kinematic hardening. It is not based on specific assumptions regarding microstructural
deformation mechanisms and therefore allows for a quite general analysis of shear localization during
ECAP. As indicated in the constitutive Equations (1)–(10), seven parameters are needed to describe
the material behavior. K and G are the bulk and shear modulus, σF0 is the yield stress and the other
constants represent the parameters of the isotropic (β, γ) and kinematic (κ, ckin) hardening. As shown
in [35], β and κckin define the initial hardening rate (IHR) while γ

β and κ−1 determine the strain
hardening capacity (SHC). (The meaning of the kinematic hardening parameters is derived from
linearized equations. Strictly speaking, this interpretation is thus only valid for small strains.)

In the material model summarized in Table 3, the Cauchy-Green tensor C = FT · F, two internal
state variables Ci, Cii and the second Piola-Kirchoff stress T̃ further appear, which is related to the
Cauchy stress σ by

T̃ = I3
(
F
)

F−1 · σ · F−T .

Here, the third invariant I3 of a second order tensor X = Xab ea ⊗ eb is defined by I3(X) = det[Xab].

Furthermore,
�
X denotes the material time derivative and XD represents the deviatoric part of X.

Finally, C = I3
(

C
)− 1

3 C denotes the unimodular part of C. The identity tensor is prescribed as the
initial condition for the internal state variables

(0Ci = I, 0Cii = I
)

throughout this paper. The inelastic
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multiplier λ̇ is calculated iteratively from the Karush–Kuhn–Tucker (KKT) conditions (10) applying a
Newton iteration.

The material model was implemented in the VUMAT user subroutine of Abaqus/Explicit.
Further details on the material model and applications to the simulation of metal forming can be
found elsewhere [30,36–38]. For an adequate interpretation of the results, some simplifications in the
simulation model must be kept in mind:

1. A two-dimensional plane-strain simulation is used. Therefore, boundary effects perpendicular
to the simulated plane have to be neglected. The main reason for this simplification is the
computational effort, which increases excessively when changing to a three-dimensional model.
However, the comparison of simulation and experimental results (Section 3) demonstrates that
the error of this simplification is small.

2. As the investigation of viscous effects goes beyond the scope of this study, a rate-independent
model was chosen. The aluminum material used in the experimental studies exhibits only a minor
rate dependence and the experiments have been performed at room temperature. Due to the
very low pressing speed of 0.3 mm/s and consequently low strain rates inside the shear zone, the
error of this limitation is kept small. Furthermore, adiabatic heating phenomena are essentially
negligible and do not have any practical significance [39].

3. A frictionless model was used to simulate ECAP. In the experimental studies, the ECAP die is
always lubricated such that the friction coefficient is low [40]. In addition, both in the experiments
and in the simulations, the exit channel is moved with the billet in order to minimize the
friction [41]. Because of this, self-heating due to friction may be neglected.

3. Parameter Variation

First, convergence studies for element type, element size, mass scaling and velocity scaling were
performed to reach a behavior independent of these influences and to avoid artificial effects (e.g., due
to inertia forces). The FE model was meshed with rhomboid-shaped CPE4R-elements. The initial
inclination was chosen such that the elements’ interior angles remain as close as possible to 90◦ during
the whole deformation. It turned out that a mesh with a maximum element size of e = 0.5 mm
(≈92,600 elements) has to be used by applying a maximum possible mass scale of fm = 400 and
plunger velocity of v = 0.75 m/s. After these convergence studies, a parameter variation for almost
all geometrical and material parameters was conducted. Here, only the most important results are
presented; for a more detailed depiction including the convergence studies, see [35].

3.1. Reference Simulation

As a reference, a single ECAP pass is simulated with elastic ideal-plastic behavior. The material
parameters corresponding to aluminum are shown in Table 3.

Table 3. Material parameters for aluminum with ideal-plastic behavior, used in the reference simulation.

K/MPa G/MPa σF0/MPa β γ/MPa ckin/MPa κ/MPa−1

73, 500.0 28, 200.0 270.0 0.0 0.0 0.0 0.0

In the contour plot in Figure 4, some inhomogeneities in the strain field are visible.
However, because of the low difference between maximum and minimum value and the missing
regularity, they do not represent fully developed shear or matrix bands (see Section 1). Instead, if the
amplitude of the effective plastic strain is lower than 0.15, this state will be called “minor fluctuation”
in the following. Furthermore, the outer edge of the ECAP die is completely filled with material
(lower left corner in Figure 4), which is in line with experimental investigations [23]. Finally, there is
a small curvature of the billet because of internal stresses developed during ECAP [42]. This is also

18



Metals 2018, 8, 55

known from ECAP experiments without applying any backpressure. In summary, the simulation result
corresponds well with the expectations gained from experiments.

Figure 4. Contour plot of the effective plastic strain s (cf. Equation (9)) for the reference simulation:
some inhomogeneities are visible. Compared to experimental observations of shear and matrix bands,
these variations are negligible; they are therefore considered as minor fluctuations.

3.2. Effects of Isotropic Hardening

Strain localization is observed in experiments if the SHC of the material subjected to ECAP is
low. Motivated by these experimental observations, two different levels of the hardening capacity:
γ
β = 15 MPa and γ

β = 200 MPa and three different levels of the initial hardening rate (IHR): β = 0.1,
β = 1.0 and β = 10.0 are chosen for a systematic comparison. For β = 0.1, the material has a low and
for β = 1.0 it has a high hardening rate during the whole deformation. For β = 10.0, the material has a
pronounced IHR and a very small hardening rate at the end of the deformation.

The results of the simulations with γ
β = 15 MPa and with γ

β = 200 MPa are shown in Figures 5
and 6, respectively. Minor strain fluctuations occur for all simulations, except the one with a high
SHC and a high hardening rate during the whole deformation, Figure 6b. In this case, even minor
fluctuations are suppressed yielding a quasi-homogeneous distribution. The situation is different for
the low SHC

(γ
β = 15 MPa

)
: even the high hardening rate during the whole deformation is still too

low to suppress fluctuations. Consequently, the SHC controls the heterogeneity of plastic deformation
in case of isotropic hardening. However, the difference between the ideal-plastic behavior and this
hardening behavior is very small and therefore the results are similar.

For γ
β = 200 MPa, the SHC is much higher. Still, for low IHR, the material behavior is almost

ideal-plastic as well and, due to this, fluctuations occur. For high IHR, the material is hardening during
the whole deformation and any heterogeneities are suppressed. For pronounced IHR, the SHC is
already exhausted at the initial stage of the deformation process. Thus, at the end of the deformation,
the material behaves almost ideal-plastically with a higher yield stress. For this reason, heterogeneities
also occur in this case.

There is another feature that becomes visible looking at the bottom zone of the billets shown in
Figures 5 and 6: the more the material flow omits the outer edge of the channel, the less the bottom zone
deforms and the higher the vertical gradient of the effective plastic strain and the billet’s curvature.
This detail is in perfect agreement with experimental observations [41,43,44], which further indicates
that the FE simulations presented here accurately capture various subtle experimental details.

19



Metals 2018, 8, 55

Figure 5. Effective plastic strain s (cf. Equation (9)) for simulations with isotropic hardening with
γ
β = 15 MPa in combination with (a) β = 0.1, (b) β = 1.0 and (c) β = 10.0. σF = 270 MPa. In all cases,
only minor fluctuations occur.

Figure 6. Effective plastic strain s (cf. Equaiton (9)) for simulations with isotropic hardening with
γ
β = 200 MPa in combination with (a) β = 0.1, (b) β = 1.0 and (c) β = 10.0. σF = 270 MPa.
In (a,c), minor fluctuations occur; (b) shows a quasi-homogeneous distribution of the effective
plastic strain.
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3.3. Effects of Kinematic Hardening

The difference between kinematic and isotropic hardening is the plastic anisotropy induced
by kinematic hardening. While modeling of isotropic hardening usually involves only the
scalar equivalent stress, kinematic hardening is based on the stress and back stress tensor (cf.
Equation (3)). Hence, kinematic hardening not only depends on the principal stresses, but also
on the principal directions.

A high SHC of κ−1 = 200 MPa was chosen and the IHR was varied in a similar way as in the
investigations for isotropic hardening. The results shown in Figure 7 are similar to those of isotropic
hardening. At low IHR and at pronounced IHR strain, inhomogeneities occur, whereas, at high IHR,
the inhomogeneities are suppressed. However, there is an important difference: at pronounced IHR,
the deformation is not only inhomogeneous but, as an entirely new feature, a very regular pattern
emerges. Additionally, the difference between the minimum and maximum strain values in the
distinctly different regions is high (Δs ≈ 1.0).

Figure 7. (left) effective plastic strain s (cf. Equation (9)) for simulations with kinematic hardening
with κ−1 = 200 MPa in combination with (a) κckin = 0.075, (b) κckin = 0.25 and (c) κckin = 3.75;
(right) comparison of the simulations with optical micrographs after one pass of ECAP for a fully
recrystallized (top) and a severely cold worked conventional 6000 series aluminum alloy (bottom).

This type of localized deformation is very similar to the shear and matrix band structure observed
in the experiment (cf. Section 3.4). The regularity of these bands can also be documented by plotting
the progression of the effective plastic strain along the length of the billet, Figure 8. The undeformed
regions of the billet (i.e., the material near the ends of the billet that has not passed through the shear
zone during ECAP) and the region of unsteady flow at the beginning of the process are omitted in
this analysis; the total length of the billet is 300 mm. Furthermore, an animation of this simulation is
provided in the supplementary material of this paper.

To ensure a converged solution, the simulation model of the billet was divided into five parts
(cf. Figure 9). The two big outer parts are meshed with an element size of e = 0.5 mm, the two parts
next to them with an element size of e = 0.25 mm and the part in the midst with an element size
of e = 0.125 mm. Despite the mesh size variation with the length of the billet, the shear and matrix
bands dimensions remain constant and some shear bands cross the border between two mesh parts.
This shows that the dimensions and the direction of the shear bands do not depend on the mesh.
The difference in the effective plastic strain increases with a further refinement of the mesh.
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Figure 8. The effective plastic strain s (cf. Equation (9)) as a function of the position in the billet
(cf. Figure 7). Undeformed areas and the unsteady flow at the beginning of the process are omitted.

Figure 9. Contour plot of the effective plastic strain s (cf. Equation (9)) for the simulation with locally
refined mesh. The billet is divided into five parts. The outer two parts are meshed with an element
size of e = 0.5 mm, the two parts next to them with an element size of e = 0.25 mm and the part in the
midst with an element size of e = 0.125 mm. Obviously, the solution is converged with respect to the
dimensions of the shear and matrix bands.

In order to further analyze and confirm the observation that shear bands are formed when there
is a pronounced IHR, additional simulations were carried out, varying κ and ckin. In Figure 10,
three examples are shown: in simulation (a), ckin was doubled resulting in an increase of the IHR
(cf. Section 2). With this increase of the IHR, many more shear bands are formed. In simulation
(b), κ−1 is halved, which decreases the SHC and reduces the IHR. This also increases the number of
shear bands, but the difference in effective strain between shear and matrix bands is considerably
decreased (Δs ≈ 0.2). In simulation (c), κ−1 and ckin are halved such that the hardening capacity is
lower, but the IHR remains unchanged. In this case, the number of shear bands increases as well
compared to Figure 7c. Based on these (and many other performed) simulations, it can be concluded
that there is a strong effect of the kinematic hardening parameters on the emergence, number, and
shape of the bands as well as on the amount of plastic strains within them. However, this effect is
strongly nonlinear and the occurrence of distinct shear bands cannot be simply related to a single
material parameter in the framework of the present material model.

Finally, one key result of the present study is that—while fluctuations in terms of the distribution
of effective strains along the billet can in principle be simulated both by assuming isotropic or kinematic
hardening, and using a wide variety of material parameters—only kinematic hardening appears to be
suitable for an accurate simulation of distinct shear bands that differ from the adjacent matrix bands
by relatively large amounts of plastic strain.

The results may be summarized in a generalized diagram where the parameter regions are
indicated with corresponding uniaxial flow curves as function of s (Figure 11). (Note that the diagram
is only valid for reasonable i.e., sufficiently high values of the SHC). Heterogeneities occur in two
different regions, defined approximately by the solid lines: in the region where the hardening rate is
too low during the whole deformation such that the material behavior is similar to ideal-plastic, as
well as in the region where the maximum hardening capacity is reached shortly after the beginning of
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the deformation. For isotropic hardening (cf. Figure 11a), all heterogeneities remain minor fluctuations
whereas for kinematic hardening (cf. Figure 11b) shear and matrix bands are formed. The region
defined approximately by the dotted curves corresponds to the quasi-homogeneous solution.

Figure 10. Effective plastic strain s (cf. Equation (9)) for simulations with kinematic hardening
with the parameters (a) κ−1 = 200 MPa, κckin = 7.5, (b) κ−1 = 100 MPa, κckin = 7.5 and (c) κ−1 =

100 MPa, κckin = 3.75. In all cases, shear and matrix bands occur.

Remark 1. Only the reference simulation (and not a solution with such strong heterogeneities as in Figures 7c,
9 and 10) was considered in the convergence studies. However, here a converged solution with respect to the
number of the shear and matrix bands is presented. While the number of shear and matrix bands stays constant
when the mesh size is further reduced, the values of the effective strain in the bands have not fully converged yet.

(a) (b)

Figure 11. Generalized diagram with uniaxial flow curves as functions of the effective plastic strain
depicting the regions where localized deformation occurs for (a) isotropic and (b) kinematic hardening.
Material parameters corresponding to flow curves in the marked regions lead to the indicated solution.
Note that, despite the apparent similarity of the uniaxial flow curves, isotropic and kinematic hardening
are fundamentally different in the multiaxial case.
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3.4. Experimental Validation

In order to validate the simulation results, complementary experimental studies were carried
out using technical parameters where shear localization has been reported before. It is well known
that ECAP typically introduces a homogeneous shear deformation for many metallic materials [9].
One main requirement for a homogeneous deformation is a sufficient SHC of the processed material.
In the case of processing conventional fully recrystallized 6000 series aluminum alloys, a homogeneous
introduction of strain is generally observed [43–45]. Figure 12 shows the microstructure of an
ECAP-processed billet (AA6060) that has been processed conventionally (hot extrusion including
full recrystallization) prior to ECAP. Figure 12a shows an optical micrograph of the severely sheared
microstructure without any macroscopic heterogeneities. A detailed view into the microstructure
by scanning electron microscopy (in electron back-scatter diffraction mode, EBSD) reveals minor
differences regarding the locally introduced strains that result from the different crystallographic
orientations of Figure 12b,c. These microstructural results are completely in line with earlier
reports [9,46,47] showing macroscopically homogeneous deformation for similar alloys.

Figure 12. Microstructure after homogeneous shear deformation by one pass of ECAP of a
fully recrystallized conventional 6000 series aluminum alloy. Optical micrograph (a) showing a
microstructural overview and color-coded orientation map (OM) (b) and image quality map (IQ)
(c) from electron back-scatter diffraction (EBSD) measurement.

These results were obtained for a fully recrystallized material that exhibits a sufficiently high
hardening rate throughout the whole deformation process. The analogous simulation parameters
in the conducted simulations for isotropic hardening are γ

β = 200 MPa, β = 1.0 and for kinematic

hardening κ−1 = 200 MPa, κckin = 0.25. Both simulations result in a quasi-homogeneous solution, as
shown for isotropic hardening in Figure 6b and for kinematic hardening in Figure 7b. Thus, a very
good accordance between simulation and experiments is achieved for this kind of material condition.

In contrast to the homogeneous microstructure observed after ECAP of a fully recrystallized
material, a strongly heterogeneous structure was found after processing a severely cold-worked
condition (cold extrusion [48]) of the same alloy. As a consequence of cold extrusion the material
exhibits a very limited SHC compared to its hot-extruded counterpart. Figure 13a shows the
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microstructure after ECAP. It is characterized by an alternating arrangement of two fundamentally
different types of macroscopic bands: Shear bands, where the material got severely sheared and
matrix bands that exhibit much lower strains. Figure 13c shows an image quality map of an EBSD
measurement. Darker areas are associated with a low band contrast as a result of severe distortion of
the lattice due to inherent strain. The band structure is oriented under an angle of exactly 45◦ with
respect to the pressing direction, which corresponds to an alignment parallel to the theoretical shear
zone [3,49] of the ECAP die. The mean width of both band types is approximately 400 μm resulting in
an almost equal area fraction (≈50%). It should be noted that the material might show a pronounced
kinematic strain hardening caused by the previous cold working by extrusion at ambient temperature.

Figure 13. Microstructure after heterogeneous deformation by one pass of ECAP of a severely
cold worked conventional 6000 series aluminum alloy. Optical micrograph (a) showing a
microstructural overview and color-coded orientation map OM (b) and image quality map IQ (c) from
EBSD measurement.

The material behavior in this case corresponds to the simulations for isotropic hardening
with γ

β = 200 MPa, β = 10.0 or for kinematic hardening with κ−1 = 200 MPa, κckin = 3.75.
These simulations show a very small SHC during the entire ECAP pass (cf. Remark 2). As shown
in Figure 7, there exists a very good agreement between the result of the simulation with kinematic
hardening and the experimental strain distributions of shear and matrix band. (An explanation of
why a simulation including only isotropic hardening cannot produce shear and matrix bands is given
in Section 4.) Consequently, a scale comparison was conducted in Figure 14, which also shows excellent
agreement. The length scales of the shear and matrix bands in the experiments and in the simulations
are nearly equal.

Remark 2. To be more precise, these simulations show at the beginning of the process a high SHC, but also a
pronounced hardening rate. With this particular material behavior, the hardening of the material during the
extrusion prior to ECAP can be captured. However, after a minimal plastic deformation in the simulation, the
material already reaches the state of a very small remaining SHC.
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Despite the inherent simplifying assumptions (cf. Section 2) and even though the experiments are
affected by various technological influencing factors like friction, there is a close agreement between
the simulations and the experimental observations. This encourages and motivates further analysis
of the microstructural and mechanical mechanisms that lead to the formation of shear bands during
ECAP. A first attempt to more generally understand which conditions lead to distinct shear localization
is given below.

Figure 14. Comparison of shear and matrix bands in simulation (right) and experiment (left). In the
optical micrograph, the shear bands are shown in bright and the matrix bands in dark gray. In the
simulation, the opposite is the case: The shear bands are depicted in dark and the matrix bands in
bright gray. Additionally, the positions of the chosen elements in the billet far away from all boundaries
are shown in red.

4. Remarks on the Mechanism of Heterogeneous Plastic Flow

To get a more detailed description of the localization mechanism, two representative finite
elements are chosen: one element of a shear and one element of a matrix band, as depicted in Figure 14
(simulation). These elements are selected far away from all boundaries of the ECAP tool, such that no
boundary effects affect the results. For these elements, the stress and strain state is evaluated.

At first, the evolution of stresses and strains during one ECAP pass in the shear and matrix bands is
investigated. Shear and matrix band evolve one after another and there is a constant time interval between
the formation of these bands. For reasons of clarity and comprehensibility, the time interval is subtracted
in every diagram comparing shear and matrix bands (Figures 15 and 16). As shown in Figure 15, the
evolution is equal for both types of bands for a long time. However, at a certain point after the plastic flow
has already set in, the solution diverges abruptly. At this point of the deformation, the effective plastic
strain rate ṡ increases rapidly in the shear bands, whereas, in the matrix bands, ṡ decreases. It follows
that, at this point, the plastic flow increases rapidly in the shear band as the rate of plastic deformation
is directly proportional to the effective plastic strain rate:

(
λ̇ =

√
3/2ṡ

)
. Interestingly, the duration of

plastic flow is equal for both bands, as shown in the yellow domain in Figure 15. This is in contrast to
results given in the literature [11], where it is assumed that plastic flow occurs only in the shear bands.
The simulation results show that also in the matrix bands plastic flow occurs while passing through
the shear zone, even though to a very small extent. The simulations also indicate that the deformation
of both types of bands occurs in the same shear zone region within the ECAP die.
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To reach a better comprehension of the evolution of the shear and matrix bands, the evolution
of the corresponding stress states is also considered. Figure 16a compares the von Mises stress of the
shear and the matrix band. Interestingly, the von Mises equivalent stress remains almost equal until
far after the divergence of the effective plastic strain. For a justification of this fact, the definition of the
von Mises stress

σvM =

√
1
2

[(
σxx − σyy

)2
+ (σxx − σzz)

2 +
(
σzz − σyy

)2
]
+ 3

(
σ2

xy + σ2
xz + σ2

yz

)
(11)

has to be considered. It is clear that equal normal stresses are not required for an equal von Mises
stress; only the difference between the coefficients of the stress tensor has to be equal. This observation
gives an explanation why shear bands only appear by involving kinematic hardening and not by
isotropic hardening: isotropic hardening is based on the equivalent stress (cf. Equation (8)). If there
is no difference between shear and matrix band in terms of the equivalent stress, there will be no
differences in material behavior. Therefore, there is no difference concerning effective strain.

Figure 15. The evolution of the effective plastic strain s (cf. Equation (9)) for the representative elements
corresponding to shear and matrix bands, respectively (see highlighted elements in Figure 14).

(a) (b)

Figure 16. The evolution of the effective plastic strain s (orange) and of (a) the von Mises equivalent
stress (blue) and of (b) the principal stress in ECAP pressure direction (blue). The solid lines are used
for the shear band and the dotted lines for the matrix band.
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As a consequence of almost equal von Mises stresses, all components of the stress tensor have
to be analyzed. The focus here is placed on the normal component with respect to the pressing
direction y. (cf. Figure 2—Note that the y-direction is defined globally. Hence, it is only the pressing
direction for the input channel.) Again, the evolution of σyy within shear and matrix bands remains
very similar for a long time. As indicated in Figure 16b, a difference in σyy occurs just in time with
the difference in the effective plastic strain within shear and matrix bands. The fact that it is difficult
to identify a precise source/origin of the divergence of the solution into shear and matrix bands
is typical for pattern-forming systems. In such systems, assigning cause and effect is not always
directly possible [50,51]. Moreover, one peculiarity becomes obvious: the difference in stress and
strain state emerges abruptly and there is no indicator for a slowly increasing gap between the
bands. This indicates an analogy to a supercritical pitchfork bifurcation in the solution (cf. Figure 17).
The control parameter in such a theoretical scenario is likely to be a combination of ckin and κ, as shown
in Section 3. There are domains in the parameter space where only one stable solution occurs, the
homogeneous distribution of strain. However, in other domains, two stable solutions occur: the shear
and the matrix band. The choice of the stable solution is affected by the previously deformed material
segment. A material segment that experiences an overlarge plastic flow (the shear band) is followed
by a material segment that experiences an undersized plastic flow (the matrix band). It is worth noting
that the application of bifurcation analysis (which is common in studying pattern-forming systems) to
ECAP represents a novel approach to understand the formation of shear and matrix bands. While the
fundamental idea is presented here for the first time, it is highlighted that further work is required to
fully describe and understand localized flow during ECAP in the conceptual framework of pattern
formation and self-organizing systems.

Figure 17. Assumed supercritical pitchfork bifurcation of the effective plastic strain s (cf. Equation (9))
in the parameter space. The control parameter is a function of both parameters of kinematic hardening.

5. Conclusions

Adopting phenomenological plasticity theory with isotropic and kinematic hardening and using
two-dimensional explicit finite element simulations, and strain localization during ECAP can be
reproduced. To this end, a systematic convergence study helps to ensure a stable and reliable FE solution,
which is suitable for gaining new insights in the localization process. The FE simulations show that
isotropic hardening can only cause minor fluctuations in the plastic strain fields. Kinematic hardening
with high initial hardening rate and sufficient strain hardening capacity can lead to pronounced localized
deformation in form of shear and matrix bands. This enables the numerical analysis of the evolution of
this band structure during ECAP with a phenomenological material model. Neither micro-mechanical
material features nor strain softening of the material have to be considered. It is confirmed that kinematic
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harding plays thus an important role for simulating strain localization during ECAP. Additionally,
we find a surprisingly accurate match between simulation and our experimental results. A detailed
analysis of shear and matrix bands revealed that not only the shear bands, but also the matrix bands
deform plastically during ECAP. Although the plastic deformation is very small in the whole shear
zone, the effective plastic strain rate is always larger than zero.

In future work, the influences of the different hardening mechanisms have to be studied in greater
detail. In particular, the effect of the parameters of kinematic hardening but also the influence of
the formative hardening on the evolution of shear bands is not fully understood yet. An extensive
experimental characterization of the present hardening behavior of the investigated material is the focus
of a future work. This will help to gain a detailed understanding of the relationship between material’s
hardening behavior and the occurrence of strain localization. Because of the complex relationship
of strain hardening and local (plastic) deformation behavior including strain localization in certain
cases, an in-depth understanding of the acting microstructural and micro-mechanical mechanisms is
needed to describe and predict the material’s behavior during severe plastic deformation. Applying the
theoretical concepts used to describe pattern-formation in self-organizing systems may provide a novel
pathway to distinguish stable vs. unstable deformation modes.

Supplementary Materials: The following are available online at www.mdpi.com/2075-4701/8/1/55/s1, Video S1:
Effective strain for kinematic hardening with the hardening parameters κ−1 = 200 MPa, κckin = 3.75. The shear
and matrix band formation in the shear zone is shown.
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Abbreviations

The following abbreviations are used in this manuscript:

ECAP equal-channel angular pressing
SPD severe plastic deformation
IHR initial hardening rate
SHC strain hardening capacity
EBSD electron back-scatter diffraction
KKT Karush–Kuhn–Tucker
FE finite element
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Abstract: Severe plastic deformation (SPD) can be used to generate ultra-fine grained microstructures
and thus to increase the strength of many materials. Unfortunately, high strength aluminum alloys
are generally hard to deform, which puts severe limits on the feasibility of conventional SPD methods.
In this study, we use low temperature equal-channel angular pressing (ECAP) to deform an AA7075
alloy. We perform ECAP in a custom-built, cooled ECAP-tool with an internal angle of 90◦ at −60 ◦C
and with an applied backpressure. In previous studies, high-strength age hardening aluminum alloys
were deformed in a solid solution heat treated condition to improve the mechanical properties in
combination with subsequent (post-ECAP) aging. In the present study, we systematically vary the
initial microstructure—i.e., the material condition prior to low temperature ECAP—by (pre-ECAP)
natural aging. The key result of the present study is that precipitates introduced prior to ECAP speed
up grain refinement during ECAP. Longer aging times lead to accelerated microstructural evolution,
to increasing strength, and to a transition in fracture behavior after a single pass of low temperature
ECAP. These results demonstrate the potential of these thermo-mechanical treatments to produce
improved properties of high-strength aluminum alloys.

Keywords: equal-channel angular pressing (ECAP); low temperature; cryogenic deformation;
SPD-processes; high strength aluminum alloy; AA7075; AlZnMgCu-alloy; ultra-fine grained (UFG)

1. Introduction

Severe plastic deformation (SPD) methods allow the generation of ultra-fine grained (UFG)
microstructures [1,2]; equal-channel angular pressing (ECAP) is one of the most successful SPD
approaches to produce high strength combined with good ductility in various metals and alloys [3–7].
The increase of strength is due to grain-refinement processes into the sub-micrometer range. In regions
of high dislocation densities, low-angle grain boundaries are formed and then further transformed
into high-angle grain boundaries, which leads to a reduction of grain size by cold work [8–10].
ECAP processing has been used to increase the strength of various age hardening aluminum alloys.
Typically, these alloys are deformed in the solution heat treated condition at room temperature (RT),
mainly for two reasons: (i) to increase the workability during the SPD process and (ii) to form
homogeneously distributed precipitates in a subsequent (i.e., post-ECAP) heat treatment to further
improve the mechanical properties of the material. However, there are some difficulties with ECAP
processing of high-strength aluminum alloys such as AA7075; in previous studies, we discussed why
ECAP at RT of this material leads to the formation of shear bands and to subsequent cracking [11,12].
Increasing the workability by increasing the deformation temperature up to about 100 ◦C does in
principle allow a successful production of homogenous billets, but the mechanical properties are
hardly improved because of increased recovery processes [13].
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There is, however, a viable approach to increase the strength of hard to deform face-centered
cubic (fcc) metals based on the insights of physical metallurgy: to considerably increase the dislocation
density during deformation (and thus to benefit from grain size reduction), dynamic recovery processes
need to be suppressed during the deformation process [14,15]. This can be achieved by performing
SPD at low (or even cryogenic) temperatures, where the strain hardening capability of fcc metals
is increased and strain localization and crack formation can be suppressed. Additionally, cross slip
and dislocation annihilation processes are prevented because of the limited mobility of defects at low
temperatures. This leads to an improved ductility and workability, specifically because the strain
hardening stages III and IV are considerably extended [11,12]. The most well-known process that
exploits the advantages of low temperature deformation is cryogenic rolling. This is a relatively
simple procedure which can be performed in conventional roller mills. To ensure a limited increase of
temperature because of plastic work, the materials typically need to be deformed in small incremental
steps. They are typically cooled in liquid nitrogen, then placed into the rolling mill and subsequently
deformed–typically by true plastic strains of about 0.1 per rolling step. For SPD, these steps therefore
have to be repeated several times [5,16–18]. Using this procedure, accumulated true plastic strains of
about three have been achieved in high strength aluminum alloys [13,19], which resulted in a strong
increase of initial flow stress and a somewhat increased ductility when cryogenic rolling was combined
with a suitable post-rolling heat treatment. Rolling of course always leads to plate geometries, which is
a limiting parameter for the use of a material in technological applications that require bulk billets.
Multidirectional forging [20] and ECAP [8–10] at low temperatures allow for SPD processing of bulk
materials under well-defined deformation conditions. Especially ECAP, which conserves the cross
section of the billets, allows for careful control of the deformation velocity and facilitates application of
an active backpressure, offers great potential to further develop low temperature SPD processing.

Another important aspect in ensuring that ECAP can be performed on high strength aluminum
alloys is to reduce dynamic strain aging. This microstructural effect is the result of the interaction
between dislocations and solute atoms. Dynamic strain aging can be observed as serrated flow in the
corresponding stress-strain curves and leads to the formation of deformation bands. These bands
are macroscopically visible on the surface of tensile specimens. The mechanism is well known as
Portevin-Le Chatelier effect (PLC effect) and is related to thermally activated processes. The formation
of PLC bands therefore strongly depends on temperature and strain rate. In summary, many
aluminum alloys exhibit a better formability at low temperatures because of two effects: an increased
strain-hardening rate and suppressed PLC effects. Previous studies have shown that −60 ◦C
is a suitable temperature for successful ECAP processing of high strength aluminum alloys [12].
This temperature increases the ductility of the material by about 60% compared to the ductility at RT
and dramatically reduces the susceptibility for discontinuous flow.

Besides the deformation temperature, the formation of precipitates after the solution heat
treatment influences the occurrence of PLC effects. These strengthening precipitates can already
be formed at RT, depending on aging time. Because of the high amount of copper, the alloy AA7075
is prone to an early formation of Guinier-Preston (GP) zones even at RT. Already very short natural
aging times (10 min) can strongly influence the onset of serrated flow; with increasing natural aging
time, the first serrations are shifted to higher stress/strain values, which also affects subsequent crack
initiation and failure of the specimen. After the formation of a sufficiently larger volume fraction of
GP zones, strain localization can be entirely suppressed because the higher amount of GP zones leads
to a decreased density of mobile point defects [12,21].

The microstructure of the AA7075 alloy is strongly influenced by natural aging after a solution
heat treatment, already within very short times. In the present study, we consider this important
aspect, and we discuss how the formation of precipitates prior to ECAP influences the workability
at low deformation temperatures. Furthermore, we show how the microstructure of the aluminum
alloy AA7075 is affected by the deformation process depending on the amount of precipitates formed
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prior to processing. Finally, we discuss how these microstructural changes influence the mechanical
properties after low temperature ECAP.

2. Materials and Methods

The aluminum alloy AA7075 was obtained from KUMZ, (Kamensk Uralsky, Russia),
as an extruded bar with a cross-section of 15 × 15 mm2. The chemical composition was
5.9 Zn-2.3 Mg-1.3 Cu-0.2 Fe-0.1 Si wt %. The material was solutionized at 475 ◦C for 2.25 h and
subsequently water-quenched to RT. Afterwards, the solutionized material was naturally aged between
1 min and 24 h at RT, followed by ECAP-processing (the internal angle was 90◦, which corresponds to
an equivalent plastic strain of 1.1) at −60 ◦C in a custom-built ECAP die for one pass. The pressing
speed was 20 mm/min and a backpressure of 176 MPa was applied to suppress shear localization or
failure by cracking. The billets were covered with the lubricant Aero Shell Grease 33MS (molybdenum
disulphide) to minimize friction. Detailed information about the design and functionality of the setup
for low temperature ECAP, and about the choice of deformation parameters is given in our previous
publications [12,22].

After processing, the material was fully naturally aged. In order to characterize the natural aging
of the material, hardness measurements (Brinell hardness 2.5/62.5) were conducted in the longitudinal
plane of the billets after different aging times. Average hardness values and standard deviations were
calculated from five indents. For further mechanical characterization, tensile tests using a Zwick/Roell
20 kN tensile testing machine (Ulm, Germany) were performed on ECAP-processed conditions with
different aging times (between 1 min and 24 h) prior to ECAP. The miniaturized tensile specimens had
a gauge length of 5 mm with a cross section of 2 × 2 mm2 and were tested at RT with an initial strain
rate of 10−3 s−1. Strains were determined with an optical digital image correlation system (Aramis by
GOM, version 6.3.1, Braunschweig, Germany). This technique measures the displacement fields of a
speckle pattern on the specimen surface. The surface deformation field is recorded during the test and
can subsequently be used to determine uniaxial strains. For statistics, five specimens of each condition
were tested. Typical microstructural features of the different material conditions were analyzed
by transmission electron microscopy (TEM) in a H8100 (Hitachi, Tokyo, Japan) operated at 200 kV.
The TEM samples were cut parallel to the processing direction and were first twin jet electro-polished
and then polished using an argon-ion-beam. Finally, the fracture surfaces were investigated in a field
emission scanning electron microscope (NEON40 by Zeiss, Jena, Germany). The acceleration distance
was 5 kV with an operating distance of 4 mm. Besides the detector for secondary and back-scattered
electrons, an in-lens detector was used because it provides an enhanced contrast that improves the
analysis of fracture surfaces.

3. Results and Discussion

There is a strong tendency for the formation of strength increased precipitates during natural
aging in the solution heat treated condition of high strength age hardening aluminum alloys. This effect
can be demonstrated with simple hardness measurements. Figure 1 shows the evolution of hardness
(HBW) of AA7075 after solutionizing, followed by natural aging at RT, compared to aging at −30 ◦C.
The initial hardness values are about 88 HBW. A few minutes of natural aging already lead to a slight
increase of hardness. After two hours, the hardness reaches a value of about 96 HBW. With a further
increase of aging time, the hardness steadily increases. After 24 h of natural aging, hardness reaches a
value of about 135 HBW. This is an increase of approx. 50% compared to the initial hardness value.
This strong increase of hardness is due to the early formation of GP zones which is promoted by the
high amount of copper. In comparison, aging at −30 ◦C suppresses the formation of precipitates
which leads to a constant hardness. Therefore, deformation at a low temperature provides a couple of
advantages—the strain hardening capability is increased, strain localization and crack formation can
be suppressed, and the influence of precipitates (formed by natural aging prior to low temperature
ECAP) on microstructural changes can be systematically investigated.
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Figure 1. Evolution of hardness of the aluminum alloy AA7075 after solution heat treatment with
subsequent aging at room temperature (RT) and at −30 ◦C. Lower temperatures suppress the formation
of strength-increasing precipitates and leads to constant values of hardness compared to RT aging even
after relatively long aging times.

In order to characterize the effect of the thermo-mechanical treatments studied here, we briefly
discuss the correlation between processing parameters (specifically, the natural aging time prior to
ECAP) and the corresponding microstructures. Figure 2 shows typical TEM bright field images of
the conventional peak aged condition compared to the deformed material. The grain size of the
conventional peak aged condition is about 4–7 μm (Figure 2a). As reported in [11] this condition
shows nano-scaled precipitates in the matrix, with a size ranging from 5 to 15 nm and a platelet shape.
The precipitates are homogenously distributed inside the grains. They become coarser and more
sparsely distributed near the grain boundaries. In these regions, precipitation free zones with width of
about 30 nm can be observed. The fine-grained microstructures after one ECAP pass at −60 ◦C are
shown in Figure 2b–d. The large shear deformation immediately after solutionizing (this material
condition is referred to as aged for 1 min throughout this paper, Figure 2b) results in the formation
of characteristic shear bands with a width of approximately one micron. The dislocation density is
considerably increased. This mechanism leads to the onset of recovery processes by formation of
wall-like substructures. These sub-grain structures influence the final grain-size after SPD [23–26].
Characteristic regions in the TEM images can be identified as low angle grain-boundaries [27,28].
Adjacent to these dark areas with a high dislocation density, some regions appear much brighter,
which corresponds to a much lower dislocation density. The microstructure exhibits a bimodal
character. It is well known that the shear deformation during ECAP processing can be partitioned
into regions with high and low deformation. These distinct regions are delimited by high-angle grain
boundaries, which can already be formed locally after a single ECAP pass. As a result of natural aging
(8 h, Figure 2c), strengthening precipitates (GP zones) are formed. Consequently, more dislocations
are pinned during ECAP processing. This leads to a more pronounced formation of cell walls and
sub-grain structures (Figure 2c). Therefore, the area fraction of less severely deformed regions decreases.
This also leads to an increased number of high-angle grain boundaries, which can be observed in the
severely deformed areas in Figure 2c. We note that the microstructure exhibits a similar grain-size
distribution as material after ECAP processing with three passes without natural aging prior to the
deformation, as reported in [22]. After natural aging for 24 h prior to ECAP, the dislocation density as
well as the formation of sub-grain structures are further increased (Figure 2d). Regions with less shear
deformation have almost disappeared. The microstructure is homogeneous, with an increased number
of fine-grained regions compared to the conditions with shorter pre-ECAP aging times. This grain-size
distribution after only one ECAP-pass is similar to a severely deformed condition after four passes,
see also [22]. The TEM results summarized in Figure 2 clearly show that natural aging prior to ECAP
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can strongly influence the microstructural evolution. This effect is obviously related to the formation
of GP zones, which leads to an increased number of stored and pinned dislocations, and which further
results in increased dislocation densities and in the early formation of fine-grained microstructures.

 

Figure 2. Transmission electron microscopy (TEM) bright field images of the AA7075 alloy in
(a) conventional peak-aged condition with an average grain size of about 4–7 μm compared to the
as-processed material after equal-channel angular pressing (ECAP). The material was deformed in the
solutionized heat treated condition, with RT aging (prior to ECAP) for (b) 1 min; (c) 8 h and (d) 24 h.
The increase of pre-ECAP natural aging time results in a homogeneous grain refinement with a distinct
sub-grain microstructure.

The conventional concept of grain refinement as the result of the accumulation of dislocations
and the formation of sub-grain structures and new grains is well known; the schematic illustration in
Figure 3 extends this view to provide a broader picture of the relationship between grain refinement
processes and precipitates formed prior to ECAP. Figure 3a represents a precipitation free, solid
solution heat treated condition with some high-angle grain boundaries. Typically, SPD (like ECAP)
processing of such material conditions allow generating (ultra)fine-grained microstructures, at first
driven by the formation of subgrains. Natural aging prior to ECAP leads to the formation of GP zones
(Figure 3b). Dislocations are pinned by these GP zones during the deformation. This leads to an
increased dislocation density and a much more pronounced sub-grain network even after a single
ECAP pass. With increasing natural aging times prior to deformation, the number of precipitates is
further increased (Figure 3c), which provides additional points to pin dislocations, and again intensifies
the formation of sub-grain structures and the grain refinement process.
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Figure 3. Schematic representation of the modified grain refinement process as a result of the formation
of precipitates prior to severe plastic deformation (SPD) processing. Figures in the top row indicate
the formation of precipitates as a function of increasing aging times. The images below show how the
precipitates influence the grain refinement process during subsequent ECAP: (a) in the solution heat
treated condition, the formation of sub-grain structures primarily results from dislocation interactions;
(b) dislocations are additionally pinned by the precipitates formed before, which results in the formation
of additional sub-grains; (c) longer aging times lead to an increased number of precipitates and further
promotes the formation of dislocation networks and sub-grains after only one ECAP pass.

The modified microstructures of course have a strong influence on the mechanical properties
of the material conditions that have been naturally aged prior to ECAP. In order to further
characterize the effects of the thermomechanical treatments studied here, we briefly discuss the relation
between microstructure and the corresponding mechanical properties. Figure 4 shows characteristic
(engineering) stress-strain curves of the material conditions that were processed by ECAP and that were
subjected to natural aging prior to the deformation for 1 min, 8 h and 24 h, respectively. An increased
natural aging time results in a strong increase of strength while ductility is decreased. After performing
a large number of tensile tests on different material conditions, characteristic mechanical parameters
were determined. They are shown as a function of natural aging time prior to ECAP in Figure 5
(Figure 5a: strength values; Figure 5b, strain values). These data allow evaluating the aging kinetics.
Tensile testing after solutionizing (labeled again as an aging time of 1 min) results in a yield strength
(YS) of about 500 MPa (Figure 5a). YS remains almost constant for short pre-aging times up to about
2 h. The ultimate tensile strength (UTS) shows a similar behavior, with values of about 580 MPa.
With increasing natural aging times, the strength increases continuously. After 720 min the yield
strength and ultimate tensile strength values reach saturation values of about 550 and 630 MPa,
respectively. This corresponds to an increase of about 10% compared to the conventional peak aged
condition—we highlight that this is a noteworthy improvement since no post-ECAP heat treatment
(which is typically used to further modify mechanical behavior) was used. The ductility is almost
constant up to natural (pre-ECAP) aging times of 2 h (Figure 5b). Compared to the conventional peak
aged condition, uniform elongation (UE) and elongation to failure (EF) values are slightly higher with
increases of 9% and 12%, respectively. Further increased aging times lead to a pronounced decrease of
ductility. Uniform elongation values drop rapidly with increasing pre-ECAP aging times. After 24 h
of natural aging prior to ECAP, elongation to failure is less than 4%, so that necking could not even
be observed. In summary, the microstructural changes associated with natural aging, specifically the
nucleation of GP zones, clearly affect the mechanical properties of the material conditions studied
here. An increasing volume fraction of GP zones during the natural aging process fully rationalizes
the observed increases of hardness and strength (Figures 1 and 5a) as well as the reduction of ductility
(Figure 5b).
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Figure 4. Characteristic engineering stress-engineering strain curves of AA7075 under quasi static
loading at RT. Samples were naturally aged for 1 min, 8 h or 24 h prior to ECAP. Increasing the natural
aging time prior to deformation results in increased strength and reduced ductility after one ECAP pass.

(a) 
 

(b) 

Figure 5. Characteristic values of (a) engineering stress and (b) engineering strain depending on aging
at RT prior to ECAP in the solution heat treated condition for one pass at −60 ◦C. The increase of
natural aging time prior to ECAP results in an increase of ultimate tensile strength (UTS) and yield
strength (YS), while the ductility (uniform elongation (UE) and elongation to failure (EF)) is decreased.

The changes in terms of microstructural features and of the mechanical properties can also
be directly related to an analysis of the corresponding fracture surfaces. The results of the SEM
investigations are presented in Figure 6, with a focus on two representative material conditions: ECAP
directly after solutionizing (Figure 6a,c,e) versus pre-ECAP aging of 24 h aging at RT (Figure 6b,d,f),
respectively. The boxes mark areas of selected for higher magnification. Macroscopically, the failure
of both tensile specimens can be described as shear fracture at angles of about 45◦ with respect to
the loading direction. However, microscopically, there are differences between the two material
conditions. The condition with only 1 min of natural aging predominantly shows smooth regions
at low magnification (Figure 6a). These are zones of lower deformation (see also Figure 2b) and are
enclosed by larger dimples (Figure 6c). The regions of ductile fracture or cavities are predominantly
formed at grain- or sub-grain boundaries and have a width of about 1 μm. Plastic straining during
tensile testing widens the pores, which then leads to the initiation of cracks. This results in local necking
at the cavities and suppresses further deformation. Finally, the remaining regions between pores are
ruptured by the formation of shear lips. Most of the fracture surfaces, however, are characterized
by smooth and less pronounced dimples (figure 6e). These regions considerably contribute to the
macroscopically stable deformation and result in higher ductility, Figure 5b. Natural aging for 24 h
prior to ECAP results in the formation of GP zones, which leads to a much more reduced (sub-)grain
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size. The increased numbers of precipitates, grain- and sub-grain boundaries is associated with a
significantly more pronounced formation of dimples on the fracture surface, which therefore appears
much rougher even at low magnifications (Figure 6b). Higher resolutions confirm reduced dimple sizes
(Figure 6d) compared to Figure 6c. Regions with smooth surfaces are hardly observed. Throughout
the entire fracture surface, the macroscopic deformation takes place by the formation of honeycomb
structures. These dimples have a size range of about 50 to 100 nm (Figure 6f) with a strongly deformed
topography and very fine intervoid ligaments. With increasing plastic strain during tensile testing,
the deformation is concentrated in these regions. Due to the low supporting cross-section, the material
tends to rapid local necking, which decreases macroscopic ductility. Finally, we note that the very
small precipitates (in the size range of about 20 nm) often act as internal notches and thus also lead to
a further decrease of ductility (Figure 6f).

 

Figure 6. SEM micrographs of the fracture surfaces of AA7075 after one ECAP pass under cryogenic
conditions with pre-ECAP natural aging of (a,c,e) 1 min and (b,d,f) 24 h. Boxes mark the areas studied
further at higher magnification. Natural aging prior to the deformation process results in a transition
from a mixed fracture surface with smooth shear parts and dimple structures to fracture surfaces with
very fine dimples.
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4. Summary and Conclusions

We have studied the influence of natural aging of a solid solution heat treated AA7075 alloy (prior
to SPD) on the microstructure and the mechanical properties after equal-channel angular pressing.
Because of an increased strain hardening capability of this alloy, low deformation temperatures result
in an improved workability and increased ductility. Furthermore, low temperatures suppress the
formation of precipitates. Therefore, we deformed the material at −60 ◦C by ECAP and varied
natural aging times prior to the deformation. We systematically investigated how the formation
of strength-increasing precipitates influences the microstructure after SPD. As documented by
transmission electron microscopy, low temperature ECAP combined with natural aging prior to the
deformation results in relevant microstructural changes, i.e., grain refinement in the sub-micrometer
range. A short pre-aging time results in the formation of a bimodal grain structure, where regions with
fine-grained structures as well as regions with less deformation can be observed. When the aging time
prior to deformation is increased, the number of precipitates is strongly increased. This leads to a more
homogeneous microstructure with finer sub-structures. The documented microstructural changes are
directly related to the post-ECAP mechanical properties that were further characterized by tensile
testing. A reduced grain size leads to an increase of strength and to a reduced ductility and also affects
fracture behavior.
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Abstract: In this contribution, we study the microstructural evolution of an age-hardenable AA6082
aluminum alloy during severe plastic deformation by gradation extrusion. A novel die design allowing
an interruption of processing and nondestructive billet removal was developed. A systematic study
on the microstructure gradient at different points of a single billet could be performed with the help
of this die. Distinct gradients were investigated using microhardness measurements and electron
microscopy. Our results highlight that gradation extrusion is a powerful method to produce graded
materials with partially ultrafine-grained microstructures. From the point of view of obtaining an
ultrafine-grained surface layer with maximum hardness, only a small number of forming elements
is needed. It was also found that large incremental deformation by too many forming elements
may result in locally heterogeneous microstructures and failure near the billet surface caused by
localization of deformation. Furthermore, considering economical aspects of processing, fewer
forming elements are preferred since several processing parameter-related cost factors are then
significantly lower.

Keywords: severe plastic deformation (SPD); microstructural gradient; ultrafine-grained (UFG);
gradation extrusion; aluminum alloy; grain refinement

1. Introduction

Severe Plastic Deformation (SPD) processes are efficient techniques to increase a material’s
strength by strain hardening and grain refinement [1,2]. Many studies have been focused on the most
prominent SPD processes like equal-channel angular pressing (ECAP) [3–6], accumulative roll-bonding
(ARB) [7], and high-pressure torsion (HPT) [8,9]. One of the main goals of most SPD processes is the
introduction of large strains into the billet, typically with the aim of a homogeneous distribution [10–13].
In order to reduce microstructural gradients and to homogenize the billet’s properties, many SPD
methods make use of repeated deformation steps [14–17] until a certain homogenization of the
microstructure, as well as the corresponding mechanical properties, is achieved. Multiple passes of
ECAP, for example, are often used to produce homogeneous bulk ultrafine-grained materials [18,19].
Much research has been performed in order to find optimum processing routes for multi-pass ECAP
with enhanced grain refinement rates and maximum homogeneity [20–22].

In contrast, for some practical applications there is a need for materials that provide a distinct
gradient of mechanical properties. Classical approaches to obtaining property/microstructure
gradients are, e.g., shot peening of ductile materials and heat treatment methods like the case hardening
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of steels. There are, furthermore, many techniques of surface coating which are applicable for almost
every material, but are often accompanied by the formation of substrate-coating interfaces that can
be disadvantageous for certain applications. For tailoring specific gradient microstructures and
mechanical properties, SPD methods have rarely been used [23–26]. In the present work, a distinct
microstructural gradient is created by a heterogeneous introduction of severe plastic deformation.
Based on the principle of direct extrusion processing, a novel approach of gradation extrusion has
recently been developed [27,28]. This bulk forming method is basically a type of direct impact extrusion
that has also been registered for patent [29]. Using several geometrical cavities in the die that act
as forming elements as well as enforcing a final reduction of the diameter of the rod-shaped billets
(see Figure 1), a well-defined graded microstructure with a severely deformed surface region can
be generated. The forming elements are comparatively small with regards to the overall die size.
They can be varied in number, size, and arrangement and they generate the specific conditions
needed for severe plastic deformation. Depending on the tool design, a specific local gradient in
terms of grain size near the mantle surface can be produced [30]. The forming technique requires
sufficient backpressure to completely fill the cavities with the material between the forming elements.
This backpressure is generated by the final diameter reduction. Another important requirement for
effective grain refinement is a large induced equivalent strain. The gradation extrusion principle is
therefore characterized by a stepwise generation of local plastic strain at the forming elements which
is accumulated during the deformation path through the corresponding tool [28,29].

Figure 1. Gradation extrusion principle: Forming elements with undercuts, having an angle of 135◦

and a corner radius of 0.2 mm.

This approach has a certain potential to produce an ultrafine-grained microstructure which can
extend up to a depth of several millimeters from the billet’s surface. This layer is characterized by
an increased strength while the inner material exhibits a high ductility due to its coarse-grained
microstructure. Since the combination of local high strength and good ductility has high relevance for
many practical applications, the investigated technological approach of gradation extrusion seems
promising for bridging the gap between SPD methods refining the complete volume and conventional
methods that only create surface strengthening in the micrometer regime. For an efficient tailoring of
graded materials that are perfectly fit for a later application, it is important to generate an in-depth
scientific understanding of microstructural evolution during processing and of the resulting (local)
microstructure–properties relationships.
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2. Materials and Methods

In order to generate graded rod-shaped materials, the process of gradation extrusion was
developed. For detailed characterization of the microstructural evolution during processing, a unique
extrusion die was designed and manufactured.

In contrast to conventional extrusion dies, the die is separated into an upper part and a lower
die part. The separation plane is in the longitudinal direction and contains the axis of symmetry. This
design allows for the removal of the processed billet. This is a basic requirement for a systematic
characterization of microstructural evolution since the steady-state material flow is stopped at a certain
point of extrusion. The billet can easily be removed without any damage or additional influence
on the microstructure. The die parts are closed and compressed with a hydraulic press during
forming, as presented in greater detail in [27]. The second distinct feature is another separation of
the die into a gradation element and an extrusion element (see Figure 2). This design also allows
different combinations (i.e., different relative contributions to the overall deformation) of gradation
and extrusion.

Figure 2. Tool system design for experiments [27] and channel diameters at the forming elements.

The die was mounted in a hydraulic press with a maximum capacity of 15 MN in order to close
the die parts. An additional horizontal hydraulic cylinder with a maximum capacity of 2.5 MN
provided the necessary pressing force for gradation extrusion. The gradation extrusion was performed
at room temperature. Due to the low pressing speed of 1 mm/s during the extrusion experiments,
quasi-adiabatic heating was prevented. Note that the pressing speed is a major processing factor that
influences several aspects of the forming process like temperature gradients and failure mechanisms.
Further details on the influence of pressing speed in conjunction with other parameters such as die
geometry are discussed elsewhere [28]. In order to reduce friction during the gradation extrusion
experiments, a commercial lubricant spray containing molybdenum disulfide and graphite that is
commonly used for SPD processes [31] was applied on the cavity surface. The initial diameter of
the billets was 16 mm and the minimum diameter of the concave forming elements was 13 mm.
The maximum diameter of the convex forming elements was 16 mm. The final reduction leads to a
diameter of 10 mm (see Figure 2).

In this study, gradation extrusion was performed using an age-hardenable aluminum alloy
AA6082. The chemical composition of the investigated material can be found in Table 1. Prior
to processing, the initial AA6082 alloy was solid solution annealed and naturally aged (T4). This
alloy is often used for extrusion due to its high formability and strength. The initial material was
commercially hot extruded and exhibits a typical near-surface zone characterized by large equiaxed
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grains, which results from dynamic recrystallization and pronounced grain growth in this highly
strained region [32–34].

Table 1. Chemical composition of the investigated AA6082 alloy.

Element Mg Si Fe Mn Cu Cr Zn Ti Al

wt % 0.83 0.9 0.17 0.56 0.047 0.008 0.005 0.019 bal.

After interrupted gradation extrusion, the billet was removed from the die and split lengthwise
for mechanical and microstructural investigations. Hardness mapping (HV0.5) of an extruded billet
was performed with the help of an automatic hardness tester (KB250BVRZ, KB Prüftechnik GmbH,
Hochdorf-Assenheim, Germany). An equidistant grid was prepared with a spacing of 0.5 mm between
individual indents and at a distance of 0.2 mm from the billet’s outer surface.

Microstructural evolution during gradation extrusion was investigated using the opposite part
of the lengthwise-split billet. Surfaces of longitudinal sections were prepared as described in [35]
with a final finishing step of vibrational polishing. All micrographs presented in this paper were
recorded with a viewing direction parallel to the normal direction of the specimen. The microstructure
was investigated by scanning electron microscopy (SEM) using a field-emission device (Zeiss NEON
40 EsB, Zeiss, Jena, Germany) equipped with a backscatter electron detector (BSD) and an electron
backscatter diffraction (EBSD) system (OIM 5.2, EDAX TSL, Mahwah, NJ, USA) which was operated
at 15 kV with the 60 μm aperture in high current mode. EBSD data sets were typically recorded in
regions of interest of 250 μm × 1000 μm with a step size of 3 μm, and of 15 μm × 15 μm with a step
size of 50 nm, respectively. The EBSD data were subjected to a slight cleanup procedure comprising
neighbor confidence index (CI) correlation and grain CI standardization with a minimum confidence
index of 0.1. Parameters for grain size and grain aspect ratio determination were set to 15◦ tolerance
angle, a minimum of 5 hits per grain, and a minimum CI of 0.1.

In order to compare the effective strains during gradation extrusion with other SPD processes,
Finite Element (FE) simulations were performed. The finite element simulation includes work
hardening of the material and friction between die and sample. The simulation setup and processing
simulation were performed using the software Simufact Forming (version 13.3). The processes were
set up as rotationally symmetric 2D models since the investigated die geometries are rotationally
symmetric. A total of 7209 elements (element length 0.3 mm) of type advancing front quad were used.
Both tool parts (punch and die) were defined as rigid bodies. The material and friction description
used for the numerical simulation are summarized in Table 2 [28], where ϕ corresponds to true strain.

Table 2. Main parameters of the finite element (FE) model.

Material k f = K · ϕn K = 400 N
mm2 ; n = 0.094

Friction Coulomb, maximum shear
stress (combined) μ = 0.2; m = 0.08

3. Results and Discussion

Figure 3 shows the distribution of effective (plastic) strain obtained from the FE simulation
representing the steady state of material flow. A pronounced gradient of effective strain was found
from the interior region to the surface. This gradient increases with every forming element in the axial
direction. The final cross-sectional reduction leads to an additional introduction of strain, resulting in
a final gradient ranging approximately from 1.4 (interior) to 6.9 (surface). The process basically fulfills
the requirements for severe plastic deformation processes (SPD processes) since large effective strains,
load path changes, high hydrostatic pressure, and temperatures below recrystallization temperature
are applied. These results show that processing by gradation extrusion has a high potential for
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grain refinement by SPD, which leads to the assumption that distinct microstructural gradients may
occur [28]. For a detailed analysis of the microstructure discussed below, five distinct locations are
highlighted in Figure 3, representing interesting stages of deformation history during processing.

Figure 3. Distribution of effective strain determined from the FE simulation. Five distinct locations
(1–5) for microstructural analysis, representing interesting stages of deformation history.

Figure 4 shows a processed billet of the investigated AA6082 alloy. The billet exhibits a smooth
surface and no cracks have been found. It is also obvious that the cavities of all forming elements
have been sufficiently filled with material, which indicates that the process of gradation extrusion
was successfully performed. Both this experimental observation and the results of the FE simulation
highlight that the requirements for a well-defined microstructural refinement by SPD are fulfilled.

 

Figure 4. AA6082 billet processed by interrupted gradation extrusion.

The initial material for gradation extrusion was first analyzed by SEM and EBSD (Figure 5).
The microstructure of the commercially extruded AA6082 alloy is characterized by elongated fine
grains in the interior region of the billet and by a surface area with a considerably coarsened grain
structure. The mean grain size of the interior region is 10.2 (±2.3) μm and grains have a grain shape
aspect ratio of 3. The shape of the grains in the interior region can be rationalized with the extrusion
process of the initial material. This structure is a typical extrusion pancake structure [36]. The surface
area has a thickness of approximately 200 μm and is characterized by almost equiaxed large grains
with a diameter of about 150 μm. The exceptionally large shear strains introduced into the surface
area, accompanied by quasi-adiabatic heating during commercial direct extrusion in conjunction with
an overall high pressing temperature, lead to intensive dynamic recrystallization and grain growth in
the surface area [36]. Furthermore, a typical strong <111> fiber texture accompanied by a <100> fiber
texture caused by extrusion is found (see also Figure 5).
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Figure 5. Microstructure of the initial material prior to gradation extrusion (left to right: SEM, electron
backscatter diffraction (EBSD) map, pole figures calculated from EBSD data). TD: Transverse; ND:
normal direction.

As already shown by the FE simulation (Figure 3), processing by gradation extrusion leads to
microstructural changes due to incremental shear deformation by severe plastic deformation, especially
in the surface area [36]. Figure 6 shows the contour of a gradation-extruded lengthwise-cut billet.
The incremental deformation is realized by three concave and three convex, alternatingly arranged
forming elements and by a subsequent reduction of the circular cross section. With the help of a
hardness mapping on this lengthwise-split extrusion billet, a pronounced hardness gradient was
documented. It was found that hardness does not change in the interior region while it rapidly
increases (by 20%) in the surface area along the first concave and convex forming elements. At Point
3, the maximum hardness at the surface was observed. Moreover, these maximum hardness values
were measured up to a depth of approximately 2 mm from the surface, which is the deepest uniformly
distributed hardness all over the specimen.

From the point of view of obtaining a maximum gradation in terms of hardness, the processing
should be finished after Point 3: Additional forming elements for gradation extrusion lead to a decrease
in hardness and a less-pronounced gradient of mechanical properties at the second concave and convex
forming elements. This can be rationalized with dynamic recovery and/or recrystallization due to
undesired heating by friction and severe local straining. At the last concave and convex forming
element (Point 4), an increase of hardness and, therefore, an increased gradient is observed again. It is
assumed that a repeated increase in strain hardening caused by dislocation and defect multiplication
of the dynamically recrystallized material leads to the observed increase in hardness. As a result,
the last two concave and convex forming elements do not increase the hardness gradient. The final
cavity involving a reduction of the cross section at Point 5 results in a homogenization of the hardness
gradient, while the magnitude of the gradient itself remains. The zone of maximum hardness exhibits
a constant width of approximately 1 mm and a thin transition region to the softer interior region of the
billet is hardly affected by gradation extrusion.

The history of deformation during gradation extrusion that first has been characterized by
hardness measurements was furthermore rationalized by accompanying microstructural investigations
at the same five points of interest (Figure 6). For this investigation, the split billet was analyzed with
the help of EBSD. Figure 6b–f corresponds to the points from the hardness mapping, respectively. At all
five points, an EBSD measurement (at the same point) was performed using identical parameters. Each
of Figure 6b–f shows an orientation map (OM) and the corresponding image quality map (IQ) below.
This methodology allows a sufficient comparison of grain sizes, orientation data, and elongation of the
grains at all five investigated points. The (severely strained) surface area is located on the left for each
OM/IQ image. IQ maps give a qualitative indication of the magnitude of inherent strain. A brighter
IQ image is associated with less lattice distortion and, therefore, lower inherent strains, and highly
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strained regions as well as grain boundaries typically show low/dark band contrast [37]. Note that
microstructural features of the surface region are discussed in greater detail below (see also Figure 7).

Figure 6b corresponds to Point 1 and represents the initial condition of the material prior
to gradation extrusion. As already shown in Figure 5, the surface area (~200 μm thickness) is
characterized by almost equiaxed large grains (diameter ~150 μm) resulting from a pronounced
dynamic recrystallization which is also confirmed by lower hardness values in this region. Underneath
the coarse-grained surface region, the microstructure is characterized by elongated fine grains
and a homogeneous pancake-like structure. The bright IQ image reveals a very low magnitude
of inherent strain resulting from the commercial hot extrusion accompanied by pronounced
recovery/recrystallization.

Figure 6c corresponds to Point 2 and represents the condition after the first concave forming
element with an effective strain of approximately 1.4. Due to this severe plastic deformation, grain
refinement occurs (comparable to other SPD microstructures) within the first 150 μm from the surface.
The formerly coarse grains of the surface region are considerably refined compared to those of the
interior region. Furthermore, a slight rotation of the grains can be observed originating from the
material’s flow through the cavity at Point 2. From the orientation map, it can be concluded that after
about 300 μm from the surface, the microstructure is almost similar to that of the interior region of the
initial material. However, the introduced work hardening indicated by the dark IQ map extends to
about 500 μm. Work hardening and grain refinement during this local severe plastic deformation led
to a considerable increase in hardness.

Figure 6d corresponds to Point 3 and represents the condition after the first concave and convex
forming element with an effective strain of approximately 2.1. The maximum hardness at this
point can be rationalized by the additional strain hardening and grain refinement induced by SPD.
Considerable grain refinement is found within a region of about 250 μm from the billet surface. Again,
the highly strained region is much larger with approximately 700 μm from the surface, as shown by the
corresponding IQ map. Furthermore, a slight change of the dominating crystallographic orientations
is found in the interior region. The pancake structure does not proceed parallel to the surface anymore
(originating from the extruded initial material) but fits along the geometry of the cavity inside the
gradation extrusion die. The passing of one concave and one convex forming element led to exceptional
grain refinement and work hardening of the surface region, which results in the maximum hardness.

Figure 6e corresponds to Point 4 and represents the condition after three concave and three
convex forming elements with an effective strain of approximately 3.6. The shape of the grains
appears to be more equiaxed than at the previously investigated point. The globular grain shape is an
indication of dynamic recrystallization between Points 3 and 4, driven by friction- and strain-induced
(quasi-adiabatic) heating and severe lattice distortion from an overall high defect density. There are
almost no traces of a pancake structure left. The bright IQ map confirms the assumption of pronounced
dynamic recrystallization and recovery all over the entire area investigated by EBSD (250 μm × 1000 μm).
This is additionally confirmed by the decreased hardness between Points 3 and 4 in the surface area.
The high hardness at Point 4 is mainly attributed to the fine-grained microstructure and not to work
hardening (bright IQ map).

Interestingly, some shear localization can be observed in the EBSD measurement, which might be
an indication for a very low local strain hardening rate of the material in this condition. One possible
reason might be the evolution of the texture during processing, which might consequently lead to
some kind of softening or kinematic hardening that supports the localization of strain even while
recrystallization takes place. Additional microstructural analysis is needed for a more detailed
understanding of the relationship between certain microstructural features and the occurrence of
shear localization. Such shear localizations may also induce material damage at the surface of the
specimen, which supports the conclusion that the gradation process is finalized just after the first
cavity and no additional forming elements are needed. This finding also supports the need for careful
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characterization of the material’s shear behavior [38] from both experimental and theoretical points of
view to minimize the risk of shear-induced cracking in SPD processes.

Figure 6f corresponds to Point 5 and represents the point after the final reduction of the specimen
with an effective strain of approximately 4.3. This final reduction of the diameter leads to a reduction
of the width of the maximum hardness region. This also results in an intensification of the hardness
gradient (thin transition from surface to interior region) and in a homogenization of the microstructure
within both regions.

Considering the results from Figure 6, it can be assumed that only one forming element and
a final reduction cavity for the gradation extrusion process are sufficient from the point of gaining
maximum hardness and maximum gradients. This is also beneficial from an economic point of view,
since processing consumes less time and friction is simultaneously reduced, which decreases pressing
forces and reduces the risk of material damage at the billet surface.

 

Figure 6. Hardness (a) and microstructure (b–f) of extruded material observed in a billet split
lengthwise (step size 3 μm). Five distinct locations (1–5) for microstructural analysis, representing
interesting stages of deformation history (see also Figure 3).

In Figure 7, a more detailed microstructural investigation of the fine-grained surface area is
presented. SEM images and color-coded orientation maps from EBSD measurements of Points 2–5 are
shown; the corresponding extrusion direction is highlighted in Figure 7a. Note that representative SEM
images and the corresponding EBSD maps are taken from the same region but not from exactly the
same area. With the help of the EBSD measurements, mean grain sizes and grain shape aspect ratios
for the investigated points were derived (Table 3). Note that the white speckles in the SEM images
are typical Fe-/Mn-rich precipitates [39] and are not further considered here. Figure 7a corresponds
to the surface area at Point 2. As discussed earlier, a grain refinement due to SPD processing can be
observed and the initially coarse-grained surface layer has been fully refined. The initial material
at Point 1 exhibits an average grain size of about 150 μm in the surface area and 10.2 ± 2.3 μm in
the interior region (see Table 3). The grain size at Point 2 is of ultrafine-grained (UFG) type with
0.79 ± 0.24 μm, and is homogeneously distributed. This result highlights that gradation extrusion is
an effective process to provide the formation of numerous high-angle grain boundaries, resulting in a
UFG microstructure. Note that the standard deviation of the grain size for all investigated locations is
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between 20 and 30% of the measured grain size, which is a characteristic value not originating from an
uncertainty of the measurement but from the typical distribution of the grain size of SPD-processed
materials. The corresponding grain shape (aspect ratio 2.7, see Table 3) remains almost unaffected
compared with that in the initial structure (aspect ratio 3.0) since gradation extrusion introduces a
shear deformation which also results in elongated grains.

Figure 7b shows the microstructure of the near-surface area at Point 3. The average grain size
(0.60 ± 0.18) has been slightly reduced compared with the grain size at Point 2. Furthermore, the aspect
ratio of the grains has also been slightly reduced to 2.5, indicating that the fraction of grains originating
from the transformation of equiaxed dislocation cells into high-angle boundaries is increased.

The microstructure of the surface area at Point 4 (see Figure 7c) shows further changes: the former
arrangement of elongated grains (see also Figure 6c,e) in the extrusion direction cannot be observed
anymore. An ultrafine deformation microstructure with a grain size of 0.51 ± 0.16 μm can be observed
with an aspect ratio of 2.1, which is slightly lower compared to those at Point 3. Interestingly, localized
plastic deformation occurred at this stage. The corresponding SEM image reveals distinct shear
localization and the presence of shear bands (see also Figure 8).

Figure 7d shows the microstructure of the near-surface area at Point 5, which represents the
condition after the final reduction of the gradation extrusion. This final reduction leads again to an
elongation of the grains parallel to the pressing direction. As a consequence of this extrusion step,
the aspect ratio increases to 2.9. This is almost similar to the initial material, but compared to the initial
material, the final grain size is significantly lower (0.66 ± 0.20 μm).

 

Figure 7. Microstructural details (a–d) of the near surface region at Points 2–5 (see also Figure 6) during
gradation extrusion (step size 50 nm). Extrusion direction shown in (a) applies to all figures.
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Table 3. Grain sizes and aspect ratios after different deformation steps, determined from EBSD data
with a step size of 50 nm.

Location Grain Size/μm Aspect Ratio

1 10.20 ± 2.30 3.0
2 0.79 ± 0.24 2.7
3 0.60 ± 0.18 2.5
4 0.51 ± 0.16 2.1
5 0.66 ± 0.20 2.9

Figure 8 shows a SEM micrograph of a heterogeneously deformed region (see also Figure 7c).
The alignment of elongated ultrafine grains (see dashed line in Figure 8) reveals the presence of two
distinct band-like regions that have a width of several microns. An alternating arrangement of severely
sheared regions next to regions with less strain is observed. These regions of localized straining are
known to often act as initiation sites for cracking during further severe plastic deformation [40,41].
The absence of cracks in the billets after gradation extrusion indicates that microstructural gradients
may also be beneficial in suppressing billet failure by shear localization.

 

Figure 8. SEM micrograph of a heterogeneously deformed region at Point 4.

4. Discussion and Conclusions

With the help of an adapted die design that allows an interruption in processing and
nondestructive billet removal, a systematic study of microstructural evolution during gradation
extrusion was successfully performed. Our results highlight that hardness as well as grain size
do not considerably change beyond a certain point (Point 3) in the deformation history. There
are several microstructural fluctuations following the path of deformation in the near-surface area,
most likely induced by a complex interplay of work hardening and grain refinement accompanied
by temperature-driven effects like dynamic recovery and recrystallization. While grain size and
grain shape undergo only slight changes beyond that certain point (Point 3), the arrangements
of elongated grains and their preferred crystallographic orientation change towards a typical SPD
microstructure, which has also been generated, for example, by multi-pass ECAP in other studies.
These results show that gradation extrusion is a powerful tool to produce graded materials with
partially ultrafine-grained microstructures. From the point of view of obtaining an ultrafine-grained
surface layer with maximum hardness, only a small number of forming elements that induce significant
amounts of shear deformation is needed. In this study, one concave and one convex forming element
were demonstrated to be sufficient to produce a homogeneous ultrafine-grained surface area. However,
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from the point of view of achieving a full annihilation of the initial lamellar microstructure and texture,
a larger number of forming elements is needed. A wider region of homogeneous microstructure is
found after deformation by 3 concave and 3 convex forming elements with a subsequent reduction of
the billet diameter. However, it is found that this large incremental deformation may result in locally
heterogeneous microstructures near the billet surface caused by localization of deformation. Since
localized deformation like shear banding can act as a mechanism of material failure, too many forming
elements during gradation extrusion are found to be disadvantageous. Finally, considering economical
aspects of processing, fewer forming elements are preferred since several processing parameters (e.g.,
pressing force and processing duration) are significantly reduced.

In closing, we comment on the relevance of the new process of gradation extrusion presented here
compared to the already well-established SPD methods. ECAP provides comparatively large billets
and large strains by multi-pass processing that typically results in homogeneous microstructures
with sub-micron grain sizes. HPT is often of high scientific interest due to the possibility to
introduce extremely large strains by multiple turns resulting in many cases in nanometer-range
grains. However, a major disadvantage is the limited material volume which is processed in small
cylindrical specimens. ARB is a suitable SPD method for sheet material and laminated structures often
resulting in grain elongation and sub-micron grain sizes. Gradation extrusion, as presented in this
study, is a powerful tool for tailor-made surface modifications of rod-shaped billets and enables, for
example, the combination of a conventionally grained ductile center and an ultrafine-grained hard
surface; as such, it is a complementary and valuable addition to the well-established SPD techniques,
especially in terms of future practical applications.
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Abstract: The anodic oxidation process is an established means for the improvement of the wear
and corrosion resistance of high-strength aluminum alloys. For high-strength aluminum-copper
alloys of the 2000 series, both the current efficiency of the anodic oxidation process and the hardness
of the oxide coatings are significantly reduced in comparison to unalloyed substrates. With regard
to this challenge, recent investigations have indicated a beneficial effect of nitric acid addition to
the commonly used sulphuric acid electrolytes both in terms of coating properties and process
efficiency. The present work investigates the anodic oxidation of the AlCu4Mg1 alloy in a sulphuric
acid electrolyte with additions of nitric acid as well as oxalic acid as a reference in a full-factorial
design of experiments (DOE). The effect of the electrolyte composition on process efficiency, coating
thickness and hardness is established by using response functions. A mechanism for the participation
of the nitric acid additive during the oxide formation is proposed. The statistical significance of the
results is assessed by an analysis of variance (ANOVA). Eventually, scratch testing is applied in order
to evaluate the failure mechanisms and the abrasion resistance of the obtained conversion coatings.

Keywords: anodic oxidation; additives; aluminum alloy AlCu4Mg1; nitric acid; oxalic acid; hardness;
porosity; energy efficiency; scratch resistance

1. Introduction

The anodic oxidation process is a suitable means for the surface refinement of aluminum and its
alloys. The formation of an oxide ceramic coating under anodic polarization in an acidic electrolyte
leads to an increased corrosion and wear resistance, enhances haptic-visual properties and depending
on the process regime, provides certain other surface property alterations like electrical insulation.
Anodic oxide coatings with a particularly low porosity and therefore high hardness and abrasion
resistance can be achieved by anodizing in sulfuric acid electrolytes at low temperatures beneath 5 ◦C
due to the reduced chemical dissolution of the oxide. However, the so-called “hard anodizing” process
itself is costly and demands the input of substantial amounts of electrical energy for both the process
itself and the temperature control of the electrolyte. Another means of reducing the coating porosity
lies in the addition of organics to the commonly used sulphuric acid electrolyte. Giovanardi et al. [1]
proved that organic additions, e.g., glycolic acid, oxalic acid and glycerol, limit the chemical dissolution
of the pore walls by adsorbing at the oxide-solution interface. Although the current efficiency of the
process as well as the coatings’ hardness and wear resistance are improved [2], the overall energy
consumption is often in the same way increasing, since the mentioned additives increase the process
voltage and thus thwart the alleged efficiency improvement [3].

A second challenge for the production of functional oxide coatings arises from the substrate
influence. Being conversion coatings, the properties of the alumina coatings produced by anodizing
are inevitably affected by the substrate alloy. While improving the material strength, alloying elements
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like copper have a detrimental effect on the aluminum oxide formation. From the thermodynamic
view, the oxidation of aluminum atoms is significantly preferred to the oxidation of fine dispersed
copper atoms due to the more negative Gibbs free energy per equivalent for the formation of aluminum
oxide [4]. This leads to copper enrichment at the substrate coating interface [4]. Hashimoto et al.
describe the formation of the θ’-phase (Al2Cu) within the copper-enriched layer [5]. These nanoscale
copper-rich phases are oxidized at technologically relevant anodic potentials of more than 4 V [6].
Because of the semiconductive properties of copper oxide, this process is accompanied by oxygen
evolution [4–6]. As electrical charge is consumed during this side reaction, the current efficiency of
oxide growth is significantly reduced. Moreover, additional voids can be observed along the pore
channels as the enrichment, oxidation and oxygen evolution process repeats in regular time intervals.
Apart from this, the oxidation of intermetallic phases in the substrate alloy leads to micron scale
defects in the conversion coating. Ma et al. [7] differentiate between copper-rich phases which are
preferentially dissolved leaving voids and iron-rich phases which hinder the conversion process
leaving highly porous volumes and voids in the coating. Because of the increased porosity, anodic
oxide coatings on aluminum-copper alloys exhibit lower hardness and abrasion resistance.

Recent investigations indicate a beneficial effect of the addition of nitric acid to a sulphuric acid
electrolyte on the performance of the conversion coatings produced on the popular alloy AlCu4Mg1

(EN-AW 2024) [3]. In the same time, the process voltage of the hard-anodizing process is decreased,
which leads to a lower energy consumption for the oxide production. The current study focuses on two
major aspects: (1) determination of the effect of the nitric acid addition on the characteristics of both
the hard-anodizing process and the produced coatings in dependence of the nitric acid concentration
in the sulphuric acid electrolyte; (2) investigation into the mechanism behind the effects of nitric
acid. Therefore, alongside the determination of the thickness, hardness and scratch-resistance of the
produced coatings, as well as the quantification of the current efficiency and the energy consumption
of the hard-anodizing process, the microstructure and composition of the produced coatings is
investigated. Thus, it shall be clarified whether or not nitric acid is a suitable additive to improve the
anodic oxidation especially of copper-alloyed aluminum substrates.

2. Materials and Methods

2.1. Anodizing Process

The alloy EN AW-2024 T3 (nominal composition is given in Table 1) served as substrate material
for the anodic oxidation. It was supplied as sheet metal (Q-Lab, Westlake, OH, USA) and was used with
dimensions of 50 mm × 25 mm × 1.5 mm. The samples were etched in 3 wt % sodium hydroxide at
50 ◦C for 5 min and pickled in 1:1 nitric acid at room temperature for 30 s. After each step, the samples
were rinsed under deionized water. The anodic oxidation was carried out in 20 vol % sulphuric acid
(corresponds to approx. 3.75 mol/L, Merck, Darmstadt, Germany) with additions of 0.4 mol/L and
0.8 mol/L nitric acid and 0.2 mol/L oxalic acid (as oxalic acid dihydrate, Merck). The electrolyte, which
had a volume of 2 L, was maintained at a temperature of 5 ± 2 ◦C (being typical of hard-anodizing)
throughout the process with a thermostat. The electrolyte was constantly stirred with a rod agitator
(300 rpm). A pe1028 power station (Plating Electronic, Sexau, Germany) served as the power source.
Current and voltage signals were logged internally with a sampling rate of one sample per second.
The anodizing process was carried out in galvanostatic mode with a current density of 3 A/dm2.
The process was terminated after 45 min.

Table 1. Chemical composition of alloy EN AW-2024.

Element Al Cu Mg Mn Si Fe Cr Zn Ti

wt % balance 3.9–4.9 1.2–1.8 0.3–0.9 ≤0.5 ≤0.5 ≤0.1 ≤0.25 ≤0.15
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2.2. Coating and Process Characterization

The effects of the nitric and oxalic acid addition were considered with regard to several process and
coating properties. The electrical energy consumption during the anodizing process Wel was calculated
by integrating the product of current density and voltage over the process time. The thickness s
of the produced coatings was obtained by eddy current measurement (Fischerscope MMS, Fischer,
Sindelfingen, Germany). The values were validated on cross sections of the coatings. The mass of the
anodized samples was determined before and after dissolution of the alumina in chromic/phosphoric
acid (35 mL/L phosphoric acid + 20 g/L chromium(VI)oxide) at 60 ◦C for 4 h using a X1003S balance
(Mettler Toledo, Gießen, Germany). The said solution dissolves alumina and does not attack aluminum.
Preliminary tests also showed no attack on the used AlCu4Mg1 alloy. The specific mass m was obtained
by dividing the coating mass (which is equal to the mass loss after dissolution) by the surface area.
According to Faraday´s law, the specific mass of alumina produced in a galvanostatic process carried
out at 3 A/dm2 for 45 min amounts to 1426.6 mg/dm2 theoretically. The current efficiency η was
calculated by dividing the mass loss obtained from the exposition in chromic/phosphoric acid by
the theoretical coating mass. In the same way, the energy efficiency ε was calculated by dividing the
electrical energy consumption during the process by the actual oxide mass, which gives a measure
of how much energy is required for the formation of a certain coating mass ([ε] = J/mg). Under the
assumption that the theoretical alumina density ρ (3.95 g/cm3) is valid for the anodic alumina produced
under the described conditions, the porosity p of the coatings was calculated by applying the following
formula using the specific coating mass m and the coating thickness s:

p = 1 − m
s·ρ (1)

The hardness of the coatings was obtained from instrumented indentation tests at different
locations of the coatings’ cross sections with a Berkovich indenter (UNAT, Asmec, Dresden, Germany).
A load of 5 mN was applied (load time 10 s, hold time 5 s, unload time 4 s). The distance between
each indent and the substrate/coating interface was registered. The resulting hardness profiles
were approximated by an exponential function, which represents the decline of the hardness H with
increasing distance d from the substrate.

H = H0·(H∗)d (2)

The lowest deviation between the experimental results and Equation (2) were obtained for a
parameter H0 = 4400 N/mm2 over the complete set of data. The value H* represents the hardness
decline. For a value H* = 1, there is no hardness decline at all. With decreasing H*, the hardness decline
gets more pronounced. With the distance d in microns, H* was in a range of approx. 0.96 to 0.99 for
the present set of samples. The hardness of the coatings in a distance of 20 μm to the substrate was
considered as a reference value in the DOE exploitation.

2.3. DOE-Set Up and Exploitation

A full factorial design was used to assess the effects of the additives on the coating and process
characteristics. The steps for the nitric acid concentration were 0 mol/L, 0.4 mol/L and 0.8 mol/L, while
the oxalic acid concentration was 0 or 0.2 mol/L. The full factorial design thus included 12 different
electrolytes. For each of the electrolytes, three samples were produced independently and all the
properties were determined for these samples, with the exception of the hardness, which was measured
on the cross section of only two samples for each of the electrolytes with approx. 20 indents across the
coating cross section. The values obtained for each of the process and coating properties were used as
input values for a model, which was quadratic with regard to the nitric acid concentration and linear
with regard to the oxalic acid concentration. A preliminary consideration of the statistical significance
of the parameter effects on the properties showed no statistical significance for the interaction of the
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oxalic and nitric acid additives. Interaction terms have therefore not been considered and the response
function for a generic property g (e.g., coating thickness s, energy efficiency ε, hardness H20) with the
coefficients ai (i = 1, 2, 3, 4) and the concentrations of oxalic and nitric acid was chosen as follows:

g = a1 + a2·coxalic + a3·c2
nitric + a4·cnitric (3)

The coefficients were determined by least-square fitting of the model to the obtained results for
each parameter. Thus, a quantitative relation of each property and the additive concentration was
obtained. The quality of the model was checked for each of the parameters by comparing the model
predictions gpred with the measured properties gmeas (gmeas being the mean measured value) via the
following function:

R2 = 1 −
∑
(

gmeas − gpred

)2

∑(gmeas − gmeas)
2 (4)

2.4. Microstructure Characterisation

Metallographic cross sections were prepared by grinding on SiC paper and polishing with diamond
suspension accomplished by a finish using a silicon oxide polishing suspension. Before the scanning
electron microscopy (SEM) investigations, the cross-sections were cleaned thoroughly, dried at 60 ◦C for
at least 4 h and carbon coated in order to avoid sample charging. The microstructure was investigated
by SEM (LEO 1455VP, Zeiss, Jena, Germany). Both secondary electron (SE, topography contrast) and
backscattered electron (BSD, element contrast) detectors were applied. For the quantitative analysis of
the submicron and micron scale porosity, BSD pictures were assembled in order to get a representative
impression of the coating microstructure over a length of more than 300 microns. The porosity was
calculated via the grey-scale of pixels, whereby pixels with a grey-scale lower than a suitable threshold
value were counted and the sum was put in relation with the total number of pixels.

2.5. Scratch Testing and Profilometry

Scratch tests were performed with a Revetest-RST scratch tester (CSM Instruments, Peseux,
Switzerland) using a Rockwell diamond cone indenter (radius 200 μm) in order to evaluate the
coatings’ adhesion and the two-body abrasion resistance of the coatings. The sample was moved
relative to the indenter with a speed of 2.5 mm/min. A prescan and a postscan were conducted at a
small normal load of 0.9 N in order to calculate the remaining scratch depth. During scratch testing,
the tangential force and the acoustic emission were recorded. For the quantification of the adhesive
failure, the normal load was linearly increased within a scratch length of 10 mm from 1 to 100 N.
This procedure will be referred to as “progressive scratch testing”. The first occurrence of adhesive
failure was determined by the help of the remaining scratch depth and by optical examination of the
scratch. The force, at which the coating failed, meaning the breakthrough to the substrate, will be
referred to as the critical force Fc. For the quantification of the abrasion resistance, scratch tests with a
length of 5 mm were conducted at a constant normal load of 10 N. This procedure will be referred to
as “constant scratch testing”. The cross-section profile of each constant scratch was recorded at three
positions using tactile measurement (T8000, Jenoptik, Jena, Germany). The software Turbo Wave was
applied for the levelling of the profile and the calculation of the cross-section area. The scratch energy
density WR was calculated using the mean value of the tangential force Ft the mean value of the cross
section area A and the scratch length l according to Equation (5).

WR =
Ft · l
A · l

(5)

Two progressive scratch tests and three constant scratch tests were performed on each of two
anodized samples per anodizing condition.
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3. Results

3.1. Energy Efficiency

The voltage transients for the anodic oxidation process in the sulphuric acid electrolyte with
different amounts of the oxalic and nitric acid additives differ significantly. In Figure 1, four
representative voltage transients and the associated standard deviations are shown for the galvanostatic
process (3 A/dm2). In principal, each of the curves shows the typical voltage evolution during a
galvanostatic anodizing process. The process initiation includes a steep voltage increase within the first
seconds, which is attributed to the barrier layer formation and a subsequent decline of the voltage, and
marks the beginning of the pore formation. Afterwards, the voltage grows at a slower rate throughout
the process, which is attributed to the thickening of the porous part of the oxide coating. As can be seen
in the diagram, the voltage amounts to about 23 V for the base electrolyte without additives after the
process initiation. The oxalic acid additive does not affect the voltage level after the process initiation
to a technologically relevant amount. However, the nitric acid additive leads to a significantly lower
voltage in the first minutes of the process. With increasing process time, the voltage remains almost
constant for the electrolyte without additives, while both additives lead to a significant growth of the
voltage. For oxalic acid, the slope of the voltage curve is especially steep at a process time of around
25 min, while the nitric acid additive leads to a more or less constant voltage growth throughout the
process. A higher amount of nitric acid addition leads to a further decrease of the voltage level after
the process initiation, while the slope of the voltage in the further course of the process gets more
pronounced. Therefore, the overall electrical energy consumption during the process is, of course,
affected. In the sulphuric acid electrolyte without additives, the electrical energy turnover of the anodic
oxidation process itself amounts to approx. 54.5 ± 0.7 Wh/dm2. The addition of oxalic acid leads
to an increase of Wel to 73 ± 6 Wh/dm2. In contrast, the addition of 0.4 mol/L and 0.8 mol/L nitric
acid decrease the electrical energy consumption slightly to values of 52.2 ± 1.1 Wh/dm2 and 51.6 ±
0.6 Wh/dm2, respectively. All the values are summarized in Table 2.

Figure 1. Voltage curves for the galvanostatic anodic oxidation process (current density: 3 A/dm2) in
the sulphuric acid base electrolyte with and without various additions. The thin lines represent the
66% confidence intervals, i.e., the standard deviation.
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Table 2. Results for the considered process and coating properties for all the combinations of additions
of oxalic and nitric acid to the sulphuric acid base electrolyte.

Property Symbol Unit
Oxalic/Nitric Acid Addition in mol/L

0/0 0/0.4 0/0.8 0.2/0 0.2/0.4 0.2/0.8

Coating thickness s μm 42 ± 5 44 ± 2 48 ± 2 42 ± 3 45 ± 3 48 ± 3
Specific mass m mg/dm2 855 ± 16 964 ± 5 1025 ± 4 850 ± 10 971 ± 9 1026 ± 14

El. energy Consumption Wel Wh/dm2 54.5 ± 0.6 52.2 ± 0.9 51.6 ± 0.5 73 ± 5 65.6 ± 1.0 67 ± 5
Current eff. η % 59.9 ± 1.2 67.6 ± 0.4 71.9 ± 2.7 59.6 ± 0.7 68.0 ± 0.6 72.0 ± 1.0
Energy eff. ε J/mg 230 ± 7 195 ± 3 181 ± 2 311 ± 22 243 ± 6 234 ± 14

The fit of the quadratic response function to the results leads to the coefficients shown in Table 3.
Consequently, the graph represented in Figure 2a depicts the influence of the additives on the electrical
energy consumption. The deviation of the predicted values obtained from the response function and
the measured results is shown in Figure 3a. It is clearly visible that the oxalic acid addition has the
biggest influence on the electrical energy consumption. The slight decrease of Wel by nitric acid occurs
independently of the oxalic acid addition. The response function represents the measured values well,
except for the highest values obtained at an oxalic and nitric acid concentration of 0.2 mol/L and
0 mol/L, respectively, which are underestimated by the model. As can be seen in Figure 2, the voltage
curve for this electrolyte shows a comparatively big standard deviation, which directly propagates into
the values for the electrical energy consumption. To evaluate the efficiency of the anodic oxidation, the
coating mass is considered. Referring to the results shown in Table 2 and to the graphical representation
in Figure 2b, it becomes clear that the addition of oxalic acid has no effect on the mass of the produced
oxide coatings. Meanwhile, the addition of nitric acid leads to an increase of the produced oxide mass.
The experimental results are well represented by the response function (Figure 3b).

Table 3. Coefficients of the response function for representation of the properties in dependence of the
oxalic and nitric acid addition to the sulphuric acid base electrolyte.

Property Symbol Unit a1 a2 a3 a4 R2

Coating thickness s μm 40 3 2.3 6 0.96
Specific mass m mg/dm2 900 −0.7 −180 400 0.98

El. energy consumption Wel Wh/dm2 50 80 9 −11 0.87
Current efficiency η % 0.6 0.006 −0.12 0.25 0.98
Energy efficiency ε J/mg 230 270 70 −120 0.86

On the basis of this finding, two different routes shall be further pursued. The first route addresses
the anodic oxidation process, namely its current and energy efficiency. The second route addresses
the coating properties, namely the thickness, porosity, hardness and coating adhesion. With regard
to the process, the obtained values of the oxide mass allow the calculation of the current efficiency
η, i.e., how much of the overall charge turnover actually contributes to oxide formation, and the
energy efficiency ε, i.e., how much energy is used for the formation of a certain amount of oxide. Since
all the samples were produced in galvanostatic mode with a process time of 45 min and therefore
with a constant charge turnover, the increase of the oxide mass by the addition of nitric acid into
the electrolyte is directly reflected by an increased current efficiency (Table 2), while the oxalic acid
additive does not affect neither of them (Figure 2c). The correlation between the values predicted by
the response function and the experimental results is high (Figure 3c). In contrast, the energy efficiency
ε increases significantly by the addition of oxalic acid, since the electrical energy consumption is
increased without any change of the oxide mass (Figure 2d). That means, that more energy is needed
for the production of a certain amount of oxide. The addition of nitric acid, meanwhile, decreases the
energy efficiency, because the oxide mass is increased and the electrical energy consumption decreases
at the same time. Consequently, less energy is needed for the production of a certain amount of oxide.
The correlation between the predicted energy effiency and the measured values is compromised by
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the same error as the electrical energy consumption, so that especially the values for the electrolyte
comprising only the oxalic acid additive are underestimated (Figure 3d). The coating thickness is
hardly affected by the addition of oxalic acid, while it increases by approx. 10% after the addition of
0.8 mol/L nitric acid to the sulphuric acid electrolyte (Figure 2e). In the considered parameter range,
the response function allows the prediction of the coating thickness with high accuracy (Figure 3e).
Related to the results obtained in the base electrolyte without any additives, the increase of the coating
thickness with increasing nitric acid concentration is stronger than the increase of the oxide mass.
Under the assumption of a constant density of the amorphous alumina, this indicates an increasing
coating porosity.

  
(a) (b) 

  
(c) (d) 

 
(e) 

Figure 2. Effect of the addition of oxalic and nitric acid on the coating and process properties as
predicted by the response function, (a) electrical energy consumption Wel, (b) oxide mass m, (c) current
efficiency η, (d) energy efficiency ε, (e) coating thickness s.
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(a) (b) 

  
(c) (d) 

 
(e) 

Figure 3. Comparison between values predicted by the response function and measured values for
(a) electrical energy consumption Wel, (b) oxide mass m, (c) current eciency η, (d) energy efficiency ε,
(e) coating thickness s.

3.2. Coating Porosity and Hardness

The overall coating porosity shows a minimum at a nitric acid concentration of approx. 0.4 mol/L
according to the response function as represented in Figure 4a and Table 4. The coefficients of the
quadratic response function are summarized in Table 5. At a constant nitric acid concentration, the
porosity always slightly increases with the addition of oxalic acid. For the porosity, low values
(45% and smaller) tend to be overestimated by the model while the higher values (around 50%)
are underestimated (Figure 5a). As an additional measure for the compactness of the coatings, the
hardness is considered. Generally, the size of the hardness indents is in the micrometer range and is
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thus in a greater order of magnitude compared to the pore channels and the periodically occurring
voids. As can be seen from Figure 4c and Table 4, an increasing nitric acid concentration leads to
a stronger increase of the hardness H20 and the hardness decline H* in comparison with the oxalic
acid addition. The maximum hardness H20 can be observed for the combined addition of 0.4 mol/L
nitric acid and 0.2 mol/L oxalic acid. The further increase of the nitric acid concentration to 0.8 mol/L
at an oxalic acid concentration of 0.2 mol/L leads to a reduced hardness H20. A similar behavior
can be observed for the hardness decline H*, however, the decrease of the hardness for the highest
nitric acid concentration is pronounced more significantly by the hardness decline. For the nitric acid
concentration, the found effect on the hardness is in accordance with the estimation of the porosity,
which showed a decreasing porosity for the addition of 0.4 mol/L nitric acid and again an increase for
the addition of 0.8 mol/L nitric acid. However, at a constant nitric acid concentration, the porosity
always increases by the addition of oxalic acid. For 0.0 mol/L and 0.4 mol/L nitric acid, this means
that both porosity and hardness are increasing simultaneously. This phenomenon will be discussed
later under the consideration of the coating microstructure.

  
(a) (b) 

 
(c) 

Figure 4. Effect of the addition of oxalic and nitric acid on the coating and process properties as
predicted by the response function, (a) porosity p, (b) hardness decline H*, (c) hardness in a distance of
20 microns from the substrate/oxide interface.

Table 4. Results for porosity-related coating properties for all the combinations of additions of oxalic
and nitric acid to the sulphuric acid base electrolyte.

Property Symbol Unit
Oxalic/Nitric Acid Addition in mol/L

0/0 0/0.4 0/0.8 0.2/0 0.2/0.4 0.2/0.8

Porosity p % 48.0 ± 1.2 44.1 ± 0.8 45.6 ± 0.7 48.8 ± 0.6 45.8 ± 0.3 46.2 ± 0.2
Hardness H20 N/mm2 2200 2600 2700 2300 3000 2800

Hardness decline H* 0.966 0.975 0.975 0.969 0.981 0.978
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Table 5. Coefficients of the response function for representation of the properties in dependence of the
oxalic and nitric acid addition to the sulphuric acid base electrolyte.

Property Symbol Unit a1 a2 a3 a4 R2

Porosity p % 50 4 13 −14 0.81
Hardness H20 N/mm2 2200 900 −1400 1700 0.94

Hardness decline H* 1 0.014 −0.04 0.04 0.97

(a) (b)

(c) 

Figure 5. Comparison between values predicted by the response function and measured values for
(a) porosity p, (b) hardness coefficient H*, (c) hardness in a distance of 20 microns from the substrate/
oxide interface.

The micron scale porosity of the coatings was examined by electron microscopy using the BSD
detector. As can be seen from Figure 6a, the anodic oxide coatings from the base electrolyte contain
plenty of spheroidal voids with diameters of less than 5 μm and some irregularly formed voids
with dimensions of more than 10 μm. From grey-scale analysis, an average micron scale porosity of
3.4 ± 0.8% was obtained. With the addition of 0.4 mol/L and 0.8 mol/L nitric acid, a similar amount
of cracks occurs at large voids (represented by Figure 6b). Hence, the microscale porosity increases
to 4.6 ± 1.3% and 4.6 ± 0.8% respectively. With the addition of 0.2 mol/L oxalic acid, the number
and volume content of the cracks generally increases for all nitric acid concentrations. The micron
scale porosity ranges from 5.8 ± 1.6% for the single addition of 0.2 mol/L oxalic acid (Figure 6c) to
8.4 ± 0.7% for 0.8 mol/L nitric acid and 0.2 mol/L oxalic acid (Figure 6d) respectively. The roughness
of the substrate–coating interface close to large voids seems to increase with increasing nitric acid and
in particular with increasing oxalic acid concentrations. For the highest additive concentration, several
large voids are connected by crack networks (Figure 6d).
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(a)

(b)

(c)

(d)

Figure 6. Backscattered electron detector (BSD) images showing the micron scale porosity of anodic
oxide coatings obtained from the following electrolytes: (a) 20 vol % H2SO4, (b) 20 vol % H2SO4 +
0.8 mol/L HNO3, (c) 20 vol % H2SO4 + 0.2 mol/L C2H2O4, (d) 20 vol % H2SO4 + 0.2 mol/L C2H2O4 +
0.8 mol/L HNO3.

3.3. Coating Adhesion and Abrasion Resistance

In order to evaluate the influence of large micron scale pores and cracks on coating adhesion and
coating failure, progressive scratch tests with increasing normal load from 1 to 100 N were performed.
Because of the brittleness of the oxide conversion coatings, periodically occurring cracks perpendicular
to the scratch direction were already observed from the beginning. As can be seen from the light
microscope image Figure 7a, the conversion coatings obtained from the base electrolyte typically chip
off after a critical normal force is reached, whereby adhesive failure of oxide plates reaches beyond
the scratch. In this case, the critical force of 48.7 ± 2.9 N for the first occurrence of adhesive failure
can be determined clearly by both the optical investigation of the scratch and the sudden increase of
the remaining scratch depth. A similar failure behavior applies to the single addition of 0.4 mol/L
nitric acid, however, the adhesive failure is already observed at a slightly smaller normal force of
45.0 ± 4 N as can be seen from Table 6. For the single addition of 0.2 mol/L oxalic acid, both with and
without nitric acid, no spallation of large oxide plates can be observed (Figure 7b). For this reason, it is
more difficult to obtain the critical normal force from the optical investigation of the scratch. However,
with the aid of the remaining scratch depth curve, a further decrease of the critical normal force to
42.0 ± 5 N and 33.3 ± 2.0 N, respectively, can be derived. For the highest nitric acid concentration of
0.8 mol/L both with and without oxalic acid, the failure mode appears to be very gradually as the
remaining scratch depth increases steadily without abrupt increases. The exposure of the bare metallic
substrate already occasionally appears at small normal forces due to the abrasive wear of the entire
oxide thickness. Hence, a critical normal force for adhesive failure cannot be defined for these samples.
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(a)

(b)

(c)

Figure 7. Light microscope images of coating failure after progressive scratch test: (a) 20 vol % H2SO4,
(b) 20 vol % H2SO4 + 0.2 mol/L C2H2O4, (c) 20 vol % H2SO4 + 0.8 mol/L HNO3.

Table 6. Survey of scratch properties for all the combinations of additions of oxalic and nitric acid to
the sulphuric acid base electrolyte.

Property Sym-Bol Unit
Oxalic/Nitric Acid Addition in mol/L

0/0 0/0.4 0/0.8 0.2/0 0.2/0.4 0.2/0.8

Critical normal force Fc N 48.7 ± 2.9 45.0 ± 4 - 33.3 ± 2.0 42.0 ± 5 -
Scratch energy density WR J/mm3 1.6 ± 0.2 1.7 ± 0.2 0.9 ± 0.4 1.3 ± 0.1 1.6 ± 0.2 1.0 ± 0.3

Tangential force Ft N 0.4 ± 0.0 0.5 ± 0.0 1.4 ± 0.2 0.5 ± 0.0 0.5 ± 0.0 0.9 ± 0.1
Cross-section area A μm2 270 ± 40 309 ± 24 1800 ± 700 347 ± 24 350 ± 50 1100 ± 500

As can be seen from Table 6, the scratch energy density of anodic conversion coatings can be
slightly improved through the addition of 0.4 mol/L nitric acid to the base electrolyte. However, this
is not due to the reduction of the worn material volume as the cross-section area of the scratches
even slightly increases, but due to the slightly increased tangential force. A further increase of the
nitric acid concentration impairs the scratch energy density of the coatings considerably. This is
due to the significant increase of the worn material volume. Except from the highest nitric acid
concentration of 0.8 mol/L, the further addition of 0.2 mol/L oxalic acid to the electrolyte leads to
increased cross-section areas and therefore to lower values of the scratch energy density.

4. Discussion

It was shown that both oxalic and nitric acid additions are suitable to improve coating properties.
However, solely the addition of nitric acid offers the unique opportunity to enhance the thickness and
hardness of anodic oxide coatings and to reduce the electrical energy consumption, simultaneously.
This can be attributed to the different effect mechanisms of the additives. It is known that organic
additives like oxalates from oxalic acid inhibit the chemical dissolution of alumina at the pore walls
in the outer region of anodic conversion coatings [1]. This results in conversion coatings with a
higher density and a smaller hardness gradient described by a higher value of the hardness decline
H* in Table 4. Whereas the extended pores of anodic coatings from the base electrolyte allow an
easier electrolyte penetration, the accessibility of coatings from electrolytes with oxalic acid addition
decreases significantly with increasing coating thickness. Therefore, the electrical resistance increases
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and a more pronounced rise of the process voltage can be observed for the latter coatings. In contrast
to this, the addition of nitric acid allows the reduction of the voltage from the beginning of the process.
As already described above, the presence of copper oxide at the interface allows for local oxygen
evolution and therefore leads to a reduced current efficiency of oxide growth. One explanation for
the beneficial effect of nitric acid may be the accelerated chemical dissolution of the copper oxide at
the substrate–electrolyte interface. Aqueous solutions of nitric acid are commonly used to remove the
copper enriched black surface layer on copper-rich aluminum alloys after pickling.

When discussing the correlation between the anodizing parameters, porosity, hardness and
scratch resistance, it is important to subdivide the porosity in different categories according to their
origin: pore channels proceeding orthogonal to the substrate surface, periodically occurring voids
along the pore channels due to copper-enrichment and oxygen evolution and microscale voids due to
the dissolution of intermetallic phases. Obviously, the chemical dissolution of the pore walls is not
substantially reduced by the addition of oxalic acid as the hardness parameters H20 and H* are only
slightly enhanced. A reason for this could be the generally low dissolution rate of anodic alumina
in 20-vol % sulfuric acid solution at 5 ◦C. At higher electrolyte temperatures, a stronger effect of
the oxalic acid addition has to be expected. In contrast to this, nitric acid addition is suitable to
enhance the hardness parameters H20 and H* significantly. Again, this effect can be explained by the
accelerated chemical dissolution of copper oxide at the substrate–coating interface. According to this
argumentation, the reduction of the oxygen evolution does not only improve the energy efficiency (as
already described) but also reduces the amount and volume content of the periodically occurring voids
along the pore channels. These results correspond to the results of Morgenstern et al. [8], who recently
discovered that thickness and hardness of anodic oxide coatings are improved when the alloying
element copper is not homogeneously dispersed in solid solution or in the form of atomic clusters, but
concentrated in S-phase (Al2CuMg) precipitates. In this case, the precipitates preferentially dissolve
and the detrimental effect of copper is reduced.

The characteristic micron scale voids are developed through the dissolution of micron scale
intermetallic phases. Theoretically, the S-phase should completely dissolve during a long-time solution
annealing treatment in order to enable the maximum effect of the subsequent age hardening process.
Practically, the duration of the solution annealing treatment is limited due to high energy costs and the
danger of grain coarsening. For this reason, some S-phase precipitates do not completely dissolve but
reshape to a spheroidal form. As already reported in [8,9], these precipitates leave spheroidal voids
within the conversion coatings due to their preferential dissolution in the sulphuric acid electrolyte.
Because of their limited size of up to 5 μm in diameter and their round shape, they do not act as sharp
notches and might stop rather than initiate cracks within the oxide coating. On the other hand, primary
phases, e.g., iron- or silicon-rich phases, are precipitated during the solidification of the molten alloy.
They are virtually insoluble in the solid aluminum matrix. These precipitates exhibit dimensions of
more than 10 μm and an irregular, sharp-edged shape. During anodizing, they convert more slowly
than the surrounding aluminum matrix and leave highly porous volumes and flaws within the coating
according to [7]. These flaws also exhibit a size of more than 10 μm and sharp edges. Therefore, they
might rather act as crack initiation sites. As shown in Figure 6, the susceptibility to cracking increases
with increasing nitric acid concentration and especially with the addition of oxalic acid. One reason
for this could be the embrittlement of the coatings due to the incorporation of additional elements
from the electrolyte. Shih et al. [10] proposed that the enhanced hardness of anodic oxide coatings
obtained from a sulphuric acid electrolyte after nitric acid addition results from a higher sulfur content
within the oxide. Another explanation could be the influence of nitric acid and oxalic acid on the
conversion behavior of the iron-rich intermetallic phases. As can be seen from Figure 6, the roughness
of the substrate–coating interface increases in the same order as the number and volume of cracks.
The interface roughness results from the different conversion rates of the intermetallic phases and the
aluminum matrix. Consequently, it can be argued that the presence of oxalic acid especially inhibits
the conversion of the iron-rich phase. Following this argumentation, tensile stresses evolve in the
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porous oxide ahead of the iron-rich phases as the conversion of the surrounding aluminum matrix
is connected with volume expansion. In conjunction with the notch effect of the large, sharp-edged
voids, this could finally induce cracking.

The large voids and cracks are significantly larger than the hardness indents. Consequently, the
instrumented nanoindentation measurements can only be performed around large pores within more
compact oxide volumes so that these voids do not affect the measured hardness values. This is the
reason why oxalic acid addition results in both an increasing general porosity and increasing hardness
parameters according to Table 4. However, as scratch testing is a more integral characterization method,
large voids and cracks influence the coating failure mode and the scratch resistance considerably, as
can be seen quantitatively from Table 6 and qualitatively from Figure 7. With an increasing number of
large pores and cracks, the failure mode changes from the brittle spallation of oxide plates towards the
more gradual coating failure after the abrasion of the entire coating thickness. This is understandable,
because compact oxide materials are not able to relieve internal stresses and therefore fail suddenly
after reaching a critical stress level. On the other hand, if cracks are already present within the coating,
the crack network propagates under normal pressure. Consequently, the indenter can easily remove
material volumes, which are completely separated from the surrounding material by the crack network
and the oxide coatings are worn more gradually at lower critical normal forces. The scratch energy
density is influenced by both the hardness of compact oxide volumes and the micron scale porosity.
On the one hand, it is to be expected that the scratch resistance increases with increasing coating
hardness. On the other hand, the presence of large pores and cracks deteriorates the abrasion resistance,
as already discussed. The optimum scratch energy density can be observed for coatings after the single
addition of 0.4 mol/L nitric acid to the base electrolyte as these coatings exhibit both an increased
hardness and a comparatively low micron scale porosity.

5. Conclusions

The present work investigates the influences of the single and combined addition of nitric acid
and oxalic acid to a sulphuric acid electrolyte on the anodic oxidation behavior of the AlCu4Mg1 alloy.
It was shown that—unlike conventional organic additives—the addition of nitric acid to a sulphuric
acid electrolyte enables both the enhancement of coating properties, e.g., hardness by 23%, thickness
by 14%, and the reduction of the electrical energy consumption by 5%, simultaneously.

In contrast to this, oxalic acid addition reduces the hardness gradient and slightly increases
the hardness of the outer coating regions. Unfortunately, oxalic acid addition is connected with a
significant increase in process voltage and therefore an increased energy consumption. The results
also suggest that oxalic acid addition decelerates the dissolution of large iron-rich intermetallic phases.
This gives rise to internal stresses and causes cracks within the conversion coating.

For the combined addition of nitric and oxalic acid the maximum hardness increase of 36%
compared with the base electrolyte and the smallest hardness gradient (represented by the highest
values of the hardness H20 and the hardness decline H*) can be achieved. However, the coatings’
resistance against the abrasion of a hard counter body (represented by the scratch energy density)
generally decreases with increasing additive concentration. Furthermore, the failure mode changes
from sudden spallation of oxide plates towards the gradual abrasion of the coating.

By exploiting the different effects of oxalic and nitric acid, the process and coating properties can
be optimized with regard to different specifications (e.g., maximum hardness or minimum energy
consumption). It is expected that especially the addition of nitric acid is also suitable in order to
improve the properties of anodic conversion coatings obtained at ambient temperature, as well. This is
the subject of further research.
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Abstract: With respect to its density, magnesium (Mg) has a high potential for lightweight
components. Nevertheless, the industrial application of Mg is limited due to, for example,
its sensitivity to corrosion. To increase the applicability of Mg, a process chain for the production of
a Mg component with a complete aluminum (Al) cladding is presented. Hydrostatic co-extrusion was
used to produce bar-shaped rods with a diameter of 20 mm. The bonding between the materials was
verified by ultrasonic testing. Specimens with a length of 79 mm were cut off from the rods and forged
by using a two-staged process. After the first step (Heading), the Mg core was removed partially by
drilling to ensure a complete enclosing of the remaining Mg during the second forging step (Net shape
forging). The geometry of the drilling hole and the heading die design were dimensioned with the
Finite Element-simulation software FORGE. Hence, a complete Al-enclosed Mg component was
achieved by using the described process chain and forming processes. Microstructural investigations
confirm the formation of an intermetallic interface as expected.

Keywords: material composite; Al; Mg; co-extrusion; die forging; interface; FEM

1. Introduction

The use of lightweight construction and materials is one way for the automotive industry to limit
CO2 emissions. However, the weight-saving potential of using a single material is limited. Material
composites and composite materials can contribute to overcome this challenge by combining two or
more different or similar materials. This results in tailored properties and emphasizes the positive
properties of the materials and reduces the negative ones. With respect to weight saving, the use of
lightweight materials is obvious, and especially the combination of Al and Mg as a material composite.
Mg has a low density, but it is sensitive to corrosion. Al alloys (6xxx) provide corrosion resistance and
are low-cost lightweight materials. Consequently, a material composite made from Al and Mg should
be significantly lighter, depending on the content of Mg, and provide complete protection of the Mg
from corrosive media. One approach is the production of a bar-shaped rod by co-extrusion and its use
as a semi-finished product for a subsequent forging process. Co-extrusion has been investigated by
several authors with different material combinations since the early 1970s [1–5]. Material composites
from Mg and Al showed a good formability in contrast to other material combinations, where core
fracture was observed [6]. Many investigations have focused on pressing billet geometry, variations of
cladding and core material (cladding: Mg, core: Al, and vice versa) [7], or geometry of co-extruded
products (e.g., sheets [6], profiles [8], tubes [9] or bar-shaped rods [10–12]). Such studies have shown
that an interface between Al and Mg is formed by diffusion during co-extrusion. It comprises two
intermetallic phases, Al3Mg2 and Al12Mg17, and ensures the connection between the materials.
Their structure and properties depend on the formation conditions [10–12]. Due to the brittle
mechanical properties, the co-extrusion often results in cracks along the interface. The fracture and
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mechanical properties of the material composites have been investigated in detail by Lehmann [13,14]
and Kirbach [15,16]. They found that the interface tensile strength at room temperature was 125 to
145 MPa, and the formability increased at elevated temperatures. The work on the forming of metallic
macroscopic composites is very limited. Li et al. produced Al-Mg-Al sheets by hot roll bonding,
and investigated the deep drawability [17]. Other investigations have focused on the forging of
powder composites [18,19] or metal matrix composites with different particle reinforcement [20,21].
Foydl et al. investigated steel-reinforced aluminum. They used continuous reinforcement only for
co-extrusion and discontinuous for forging, and produced a component with different distributions of
the wire reinforcement [22]. This was confirmed by Feuerhack [23], who investigated the processing of
co-extruded Al-Mg rods by die forging. It was shown that the interface remains intact if compression
stresses dominate. Shear stresses caused a fragmentation of the interface, but a new interface was built
between the fragments [23].

At the front ends of the bar-shaped rods, the Mg is left unprotected. This problem also
remains after subsequent forging. To prevent the Mg from corrosion and increase the durability
of the components, it is essential to achieve a complete enclosing by the Al cladding. Therefore,
the production of a bimetal component from Mg with a complete Al cladding by using conventional
forming processes was investigated.

2. Materials and Methods

For the production and processing of the Al-Mg material composites, commercially available
alloys of magnesium (AZ31) and aluminum (AA-6082) were used. Their chemical compositions are
given in Table 1. The bar-shaped rods had a diameter of 80 mm (Al) and 60 mm (Mg). For the
production of the pressing billets for the co-extrusion process, a blind hole of 58 mm in diameter was
drilled and machined into 290 mm-long sections of the Al rods. The Mg rods were also machined to
a diameter of 58 mm, and were loose fit into the Al. Figure 1a,b shows a cross-sectional schematic view
of the pressing billets with a Mg core and an Al cladding.

 
(a) 

Former used pressing billet geometry 

 
(b) 

Improved pressing billet geometry 

  
(c) (d) 

Figure 1. Geometries of the pressing billets and material flow during co-extrusion. (a) Longitudinal
cross-section of formerly used billet with conical shaped Mg core and (b) of the improved billet with
shortened Mg core; (c) Material flow during infeed of the formerly used billet with contact of the Al-Mg
interface on the extrusion die; (d) Improved pressing billet geometry ensures that only the Al is in
contact with the extrusion die.
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Table 1. Chemical compositions of the alloys used for this investigation.

Composition in wt % Al Mg Zn Mn Si Cu Fe Ni Ti Cr

AA-6082 Balance 0.851 0.082 0.489 0.887 0.107 0.272 - 0.019 0.167
AZ31 2.71 Balance 0.77 0.251 0.017 <0.001 <0.001 <0.002 - -

2.1. Hydrostatic Co-Extrusion

The hydrostatic co-extrusion process of Al-Mg material composites was extensively investigated
by Kittner [24–26]. The container of the press limited the dimensions of the pressing billet to a length
of 290 mm and an outer diameter of 80 mm. He varied parameters such as material combinations,
the ratio of cladding and core outer diameter, die geometries, and pressing temperatures. The best
results were achieved with the material combination AA-6082 (cladding) and AZ31 (core) pressed
at a temperature of about 300 ◦C with an extrusion ratio of 16. Thus, these parameters were used in
this investigation. The pressing billet geometry used by Kittner is given in Figure 1a. This geometry
with its conical shape leads to contact between the Al-Mg interface and the extrusion die during
infeed, as shown in Figure 1c. Thus, lubricant is pressed into the gap between the materials, often
preventing bonding. Therefore, the pressing billet geometry was adapted as shown in Figure 1b,d by
flattening and shortening the Mg core. The Al protrudes the Mg, and a touching of the contact zone
can be prevented.

After the production of the pressing billets, they were heated to extrusion temperature and
lubricated before the insertion into the extrusion press. It must be ensured that the lubricant is only
applied on the outer surfaces of the cladding material; otherwise, the lubricant may reach the contact
zone between the materials and prohibit the bonding between them during co-extrusion. Subsequently,
the pressing billets were inserted into the extrusion press and co-extruded with a plunger speed of
3.6 mm/s, as presented schematically in Figure 1c,d. The chamfer at the front end of the pressing
billet seals the hydraulic fluid (Ricinus oil). Thus, the pressing pressure can be built up. The hydraulic
fluid also acts as a lubricant, by being pressed and hauled between the die and pressing billet. It was
found that a mechanical cleaning of the extrusion die from adhering aluminum after each extrusion
significantly increases the surface quality of the strands. With the given dimensions of the pressing
billet, extruded strands with a length of about 3500 mm and an outer diameter of 20 mm were produced.

2.2. Die Forging

The co-extruded strands were used as semi-finished products for the forging investigations.
Basic investigations on the formability of the material composites by die forging were performed by
Feuerhack [27,28]. He used three one-stage processes with simple die geometries (as shown in Figure 2)
to induce different stress conditions in the components, especially at the interface. The process
parameters—including die temperature, specimen temperature and tribology—were investigated
regarding their influence on the forging results. He found that best results were achieved with
a lubricated die (Gleitmo 820, FUCHS lubritec, Kaiserslautern, Germany) at a temperature of 200 ◦C
and a specimen temperature of 300 ◦C.

Based on these findings, he developed a more complex component he called SMART-Body.
The production of the SMART-Body is a two-stage process comprising heading and net shape forging.
This component was also used in the present investigation, and the process steps are given in Figure 3.
To achieve a complete filling of the die, the length of the initial billet was increased by 11 mm to
79 mm and cut off from the strand (Figure 3a). The risk of buckling during heading also increased.
With an adaptation of the heading die as presented in Section 2.3, this problem could be solved.
After cutting off, the billet was heated for half an hour to 350 ◦C, and the heading die was heated
to 200 ◦C. Subsequently, the billet was forged (Figure 3b). A mechanical press (Raster Zeulenroda,
PED 100.3-S4, Zeulenroda, Germany) with a maximum force of 1000 kN was used for the investigation.
Thereafter, the Mg core was removed partially by drilling at both front ends of the preform. Variation
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of the drill hole geometry, drilling depth, and forging temperature was investigated to find the
combination for the complete cladding of the Mg during net shape forging. Based on numerical
analysis, a drill with a diameter of 15 mm and a drilling angle of 118◦ was chosen. The drilling depth
was 3 mm. Subsequently, the preform was heated up to 350 ◦C again and forged to net shape with
a die temperature of 200 ◦C (Figure 3c). MoS2 was used for lubrication.

   

  

 
(a) (b) (c) 

Figure 2. Three simple geometries for the one-staged basic forging investigations. (a) Upsetting;
(b) Spreading; (c) Rising [28].

   
(a) (b) (c) 

Figure 3. Production stages of the bimetal component with dimensions in mm. (a) Initial billet, cut off
from a co-extruded rod; (b) Preform after first forging step (Heading); (c) bimetal component after
second forging step (Net shape forging).

2.3. Numerical Analysis of the Forging Process

The development of the process chain was fully accompanied by numerical investigations for
parameter identification, process design, and process understanding. A detailed analysis of the
co-extrusion process with respect to the prediction of the bonding can be found at KITTNER [26].
Basic investigations on the formability of the material composites by die forging were performed by
Feuerhack [28]. He used the simulation system FORGE by Transvalor with implicit time integration.
The software was also used for the forging processes in the present investigation based on the
process parameters identified by Feuerhack [23,28]. The models can be seen in Figure 4. To limit
the computation time, all dies are modeled as rigid bodies, and only the billet was fully deformable.
The billet comprises the two bodies cladding (Al) and the core (Mg), connected by a sticking condition,
and was thermo-mechanically coupled. The temperature field of the Al and Mg was measured
during heating to forging temperature, and no significant differences were found. In accordance with
Feuerhack [28], the heat transfer coefficient between the materials was set to 106 W·(m2·K)−1/2 to
ensure an equal temperature distribution within the component. The heat transfer between the dies
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and the component was set to 30 × 103 W·(m2·K)−1/2 [28]. In the beginning of the simulation, the die
temperature was set to 200 ◦C and the billet temperature to 350 ◦C. Tetrahedral elements with a size of
0.6 were used for meshing the billet and 7.6 for the dies. The material data is from the literature [29–31]
and Hensel–Spittel equation was used to model the material behavior. It considers the temperature-,
strain-, and stress-dependence of materials. The forming history from heading was also considered
during net shape forging. Based on experimental investigations, a Tresca friction factor of 0.2 was used
to model the lubrication conditions.

(a) (b)

Figure 4. Cross-sections of the numerical models for the forging processes. (a) Heading die with
additional cavity in the upper die, to prevent the billets from buckling; (b) Preform after heading with
partially-removed Mg core, placed in the net shape forging die; arrows indicate remaining Mg.

Prior to the forging experiments, the heading process was investigated. To ensure a complete die
filling, a longer billet was used. Therefore, the model of the former used heading die was adapted to
prevent the specimens from buckling. By using a longer billet, the lower die was deepened 9 mm to
keep the same size of the head. Additionally, a cavity with the same geometry as the upper part of
the head was machined into the upper die. The cavity ensures centering of the billet at the beginning
of the heading process, and buckling should be prevented. This was verified with an inclined billet,
as can be seen in Figure 4a. The angle between the middle axes of the forging dies and the billet was
1◦. Based on these results, the forging dies were also adapted.

After heading, the model of the billet was transferred into a new simulation for the investigation
of the removal of the Mg-core and its influence on net shape forging. FORGE provides a special
trimming tool to remove material volume by deleting elements. Removing material volume is often
problematic in numerical analysis, especially if the model is used in further processing. The elements
are connected to forming data (stress, strain, force, etc.), which are also deleted. This missing data
can lead to a failing remeshing during transfer from one simulation to the other. In this case, the tool
was used to remove the Mg core for the net shape forging after heading with no loss of forming
data. Different geometries of the drilling hole (conical, blind), drilling depths (1–4 mm), and forging
temperature (300 ◦C, 350 ◦C, 400 ◦C) were investigated and validated with experiments. Figure 4b
shows the headed preform with removed Mg core on both sides with a depth of 3 mm and a drilling
angle of 118◦ placed in the net shape forging die.

3. Results

3.1. Hydrostatic Co-Extrusion

Figure 5a–c shows the longitudinal cross-sections of the co-extruded strands. Due to the conical
shape of the formerly used pressing billet, there is a section of about 200 mm at the beginning of the
strand, where the Mg has no Al cladding (Figure 5a). By contrast, the improved pressing billet geometry
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results in an enclosed Mg core from the beginning of the process (Figure 5b). The process parameters
of the co-extrusion must be adjusted in such a way that an undamaged strand and a sufficient bonding
between the materials are ensured. Due to the substantial surface enlargement during co-extrusion,
the oxide layers on the materials break up, and the pure materials enter in contact. This results in
an accelerated diffusion process and the formation of an interface with two intermetallic phases,
Al3Mg2 and Al12Mg17, as shown in Figure 5d,e.

 
(a) 

 
(b) 

 
(c) 

  
(d) (e) 

Figure 5. Macro- and micrographs from the co-extruded rods. (a) Longitudinal cross-section of the
beginning of the rod from the formerly used pressing billet with the Mg preceding the Al; (b) Improved
pressing billet with the Al enclosing the Mg core; (c) transversal cross-section of the co-extruded rods.
Micrographs of the interface on the (d) longitudinal and (e) transversal cross-section.

After co-extrusion, the interface had a thickness of 1–2 μm. It is essential to keep the extrusion
temperature below the eutectic melting temperatures (436 ◦C or 450 ◦C) of the intermetallic phases;
otherwise, a eutectic cast microstructure develops at the interface with worse mechanical properties
than a diffusion-based microstructure [14,26].

Ultrasonic testing is a straightforward method of investigating whether bonding was achieved.
With this non-destructive method, the entire strand can be evaluated by the ultrasonic reflections,
as shown in Figure 6. If there is a complete bonding, the ultrasonic waves are reflected at the opposite
edge of the strand, resulting in one single strong peak. The two smaller peaks arise from the partial
reflection at the interface (Figure 6a). If there is no bonding, the ultrasonic waves are reflected
completely and can be identified by many strong peaks corresponding to the repeated reflection at the
interface (Figure 6b).
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(a)  

Complete bonding 
(b)  

No bonding 

Figure 6. Investigations on the bonding of the co-extruded rods by ultrasonic testing. (a) Ultrasonic
signals indicating a complete bonding and (b) no bonding.

3.2. Die Forging

The investigations on the removal of the Mg core showed that a conical drilling hole results in
a complete closing of the front ends, as shown in Figure 7. A complete closing was achieved if the
drilling depth was at least 2 mm. An overly-deep drilling hole can lead to the voids remaining between
Al and Mg. If the drilling hole is not deep enough, the enclosure is incomplete. The increase of the
temperature increases the flash formation by lowering the yield stress. This can promote a flowing of
the Mg into the flash due to the increased formability. The interaction of these parameters depends on
the component geometry, and must be evaluated for each geometry individually. For the SMART-Body,
a complete enclosure of the Mg-core was achieved with a 15 mm conical drilling hole and a depth of
3 mm forged at 350 ◦C. Depending on the state of closing at the front ends, forging forces of 800 to
1000 kN were measured.

  
(a) (b) 

Figure 7. Cross-sections of (a) the preform with partially-removed Mg core and (b) the net shape
forged component.

Figure 8 shows the micrographs of closed front ends and the flash region. They confirm a complete
Al cladding. Due to the pressure during forging, the Al is formed around the front ends of the Mg
and flows out of the flash gap. The conical Mg core is folded, as indicated by the gap in Figure 8a.
A precise positioning of the drilling hole is essential to ensure a complete removal of the Mg at the
drilling hole walls. This was the case in the lower part of the component. The interface-free region
(dashed arrows) indicates the former drilling hole wall folded onto the Mg. No diffusion was observed
between Al and Mg in this region. Due to the compression stress and the missing surface enlargement,
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the oxide layers (not visible) could not be broken up, and hence prohibit diffusion. In the upper part,
the interface (black arrows) was not removed during drilling, and thus it folded onto the Mg. The gap
indicates the former drilling hole wall. One part of the interface was partially pressed into the flash gap.
Thus, the interface could be pressed out through the flash gap and lower the corrosion resistance by
preventing diffusion between the Al. The contact zone of the Al can hardly be identified in Figure 8a.
Due to the forming pressure, high strains and temperature influence in that region, and self-diffusion
between Al is supposed. No self-diffusion is observed between Mg.

 
 

(b) (a) 

Figure 8. Micrographs of the flash gap region at the front ends of the bimetal component.

Due to the different Mg core geometry at the opposite side, it is not possible to remove the Mg
sufficiently (also see arrows in Figure 3b). As shown in Figure 8b, the drilling hole walls with the
remaining interface were formed onto the Mg, similar to Figure 8a. The contact zone is indicated by
black arrows. Together with Mg, the interface was also pressed through the flash gap. Self-diffusion
was not observed here, being potentially inhibited by lubricant and other contaminants on the surfaces,
which are also pressed through the flash gap. Such impurities must be eliminated to allow diffusion
and prevent the contact zone from corrosion. Furthermore, the micrographs show an increase in
interface thickness (dashed arrows in Figure 8b). The increase starts from the average value of about
27 μm and reaches values of about 35 μm, and cannot be related to differences in thermal history.
This phenomenon was found and described by Feuerhack [28] during upsetting and is confirmed in
the present investigation. The hydrostatic pressure during compression of the interface offers a certain
formability of the interface and prevents it from fragmentation.

3.3. Numerical Analysis of the Forging Process

The function of the cavity in the upper die is demonstrated in Figure 9a–c for several process
steps. After the contact of the inclined billet with the cavity (Figure 9a), it is aligned to the center axis
of the forging dies (Figure 9b). Thus, the heading process can be finished without buckling of the
billet (Figure 9c). Figure 9d shows the simulation results of the net shape forging of the SMART-Body
with a partially-removed Mg core (conical; diameter 15 mm; depth 3 mm). A comparison with the
cross-section of the forged component in Figure 7c shows a good agreement between the shape of
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the Mg core obtained from Finite Element simulation and experiment. Furthermore, the enclosure of
the Mg core by the Al is in good agreement with the experimental results. With respect to the chosen
boundary conditions, the forging force of about 900 kN was calculated.

    
(a) (b) (c) (d) 

Figure 9. Cross-sections of the simulation results of the forging processes. (a–c) Centering and forming
of the inclined billet by the cavity of the upper die; (d) Net shape forging of the SMART-Body with
partially-removed Mg-core.

4. Conclusions

A process chain for the production of a completely Al-cladded bimetal component with Mg core
has been presented. Semi-finished products are produced by hydrostatic co-extrusion at 300 ◦C with
a diameter of 20 mm and a length of about 3500 mm. The bimetal component was produced by die
forging in a two-stage process. Billets with a length of 79 mm were cut off from the bar-shaped rods
and forged at a temperature of 350 ◦C. The first process step—heading—is to achieve an appropriate
distribution of material volume before net shape forging. To prevent the billets from buckling, the
heading die was adapted with an additional cavity in the upper die. The cavity ensures centering
of the billets in the first process steps. After heading, the Mg core was partially removed by drilling
at the front ends. The remaining and protruding Al encloses the Mg core during the second forging
step. The contact zone of the enclosing Al is located in the center of the flash gap and self-diffusion is
supposed between the Al-cladding at the front ends.

The described process chain shows one approach to producing lightweight components from
a metallic material composite. However, the size of such components is limited with respect to the size
of the co-extruded rods. Nonetheless, there is strong potential in this field for future investigations.
The focus might be on the improvement of this process chain or the development of other strategies
and material combinations.
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Abstract: Due to the higher demand for energy efficient products, light-weight constructions have
become more important in recent years. An innovative, hydrostatic extruded Al-Mg-compound used
here combines the corrosion resistance of aluminium with the outstanding lightweight properties of
magnesium. During the production process, a thin boundary layer is built between the two basic
materials. Investigations on further hot forming processing revealed a good formability of these
compounds despite the fact that the boundary layer splits into fragments during forging and a new
secondary boundary layer is built when the basic materials between the fragments come into contact
again during the continuous deformation. The aim of the research is now to investigate fragmentation
depending on the deformation rate and boundary layer thickness, which increases during the heat-up
process in preparation of forging. For this purpose, a channel compression test is used in conjunction
with a special newly developed specimen shape. The metallographic evaluation of the boundary layer
reveals a strong dependency of fragmentation on the deformation rate and the boundary layer thickness.
With the aid of a numerical simulation, an individual critical stretch could be determined at which
fragmentation starts, and provide guidance for an optimal forging process design.

Keywords: aluminium; magnesium; hydrostatic extrusion; compound; channel compression test;
microstructure; fragmentation

1. Introduction

Within the Collaborative Research Center 692, the potential of aluminium-based light-weight
materials is utilized under the consideration of many influencing factors during processing.
In one field, the research focuses on Al-based hybrid structures that combine magnesium and
aluminium. Such an Al-Mg-compound connects the corrosion resistance of aluminium with the
outstanding lightweight properties of magnesium, having a 35% lower density. This offers the potential
to comply with the requirement of weight saving in several fields of industry, e.g., automotive [1]
and aeronautical. Therefore, several investigations have been done since the early 1970s on the
co-extrusion process with different material combinations [2–4].

Through the production process of these compounds, a 1–2 μm thin interface develops everywhere
between the two basic materials. The compound together with the interface was under examination
regarding production process and resulting bonding quality, strength of the basic materials, interfacial
strength, residual stresses, fracture mechanical properties and formability [5–9] as described below.
The formability of such hybrid structures including their interface are rarely investigated. There are
only publications from Kosch [10,11], Foydl [12] and Feuerhack [5], who made two main findings
during further forging processes, evaluating the formability of the compounds. Firstly, the heat-up
process in preparation of forging leads to an enormous growth of the boundary layer up to a thickness
of at least 25 μm. Secondly, the boundary layer splits into fragments during forging and a new thin
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secondary boundary layer is built when the basic materials between the fragments come into contact
again during continuous deformation. Continuing these investigations, the fragmentation process is
analysed closer in this paper regarding the dependency on the deformation rate and boundary layer
thickness due its importance for the bearing capacity of the whole hybrid structure.

The compound presented here is produced by hydrostatic co-extrusion at CEP GmbH, Freiberg,
Germany. The principle production process is shown in Figure 1. Hydrostatic co-extrusion is
characterized by a force transmission through a pressure medium that surrounds the bi-material bolt
and leads to good lubrication between bolt and container or die during pressing. The materials used
were the lightweight alloys AZ31 and AA6082. The outer diameter of the manufactured compound
amounts to 20 mm and the inner diameter to 14.5 mm. Further information about the process and
optimisation possibilities can be found in [5,7,13,14].

Container
Bimetal rod 

Die

Pressure 
medium

Bolt with sleeve (Al) 
and core (Mg)

Punch

Figure 1. Principle of hydrostatic co-extrusion.

After the manufacturing process at 300 ◦C, the compound cools down to room temperature
causing residual stresses due to differences in the thermal expansion coefficient. Nevertheless, the
residual stresses stay at a low level of 16 N/mm2 [6,15,16] and do not have to be considered during
stress analysis in subsequent loading tests.

Investigations with bending tests regarding the determination of the interfacial strength were
performed in a wide temperature range from room temperature up to 400 ◦C [6,17–19]. The loading
condition and the specimen shape are designed such that failure occurs under a tensile normal stress.
At room temperature, the bending specimens failed with a brittle fracture and revealed a high interfacial
strength of about 140–250 N/mm2. The brittle material behavior of the boundary layer under bending
at room temperature correlates with the results of the fracture mechanical tests [6,20]. An increase
of the temperature leads to a massive reduction of the interfacial strength (400 ◦C: 10–60 N/mm2).
Furthermore, a good formability of the compound at high temperatures could be shown, which resulted
partly in failure through large plastic deformation under bending. In these cases, the bending strength
of the boundary layer is higher than the yield stress of the basic materials, which is important for
further forging processes [21].

The rotationally symmetric compound has be further processed by forging, utilizing it for
various purposes. Investigations regarding the forging processes upsetting, spreading and rising
showed a good formability of the compound at 300 ◦C [5,7,9]. During the heat-up process in
preparation of forging, the boundary layer grows up to a thickness of at least 25 μm due to diffusion
based processes [22]. Depending on the load direction during forging, the boundary layer stays intact or
splits into fragments. The reason can be found in the elongated bar-shaped microstructure (Figure 2a,b).
In the case of a load in the transverse direction of the grains or under a hydrostatic pressure, the
boundary layer exhibits a high formability. A load in the direction of the grains leads to a fragmentation
following a damage mechanism. At first, the boundary layer splits (step 1). After fracture, the
fragments drift apart and, depending on the further deformation, potentially rotate (step 2). In the case
of a new contact of the two basic materials between the fragments, a new secondary boundary layer
is built as shown in Figure 2c (step 3). The newly developed damage model from Feuerhack already
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enables determining critical areas regarding fragmentation. The missing differentiation between
areas with stretching and compression makes a critical check for plausibility necessary. Due to the
also missing influence of the grain structure and specific material properties, the damage model
cannot show a load-dependent deformability of the boundary layer either. The quantification of the
critical stretch regarding the onset of the fragmentation is part of the presented work and continues
the work of Feuerhack.

Aluminium
Magnesium

β-Al-Mg-Phase
γ-Al-Mg-Phase

(a) (b)

Aluminium Magnesium

γ-Al-Mg-Phaseβ-Al-Mg-Phase

Primary boundary layer

Secondary boundary layer

Mg

Al

(c)5μm5μm
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Figure 2. Representation of the grain structure (a) Electron backscatter diffraction phase map;
(b) Inverse pole figure map; (c) principle state of the boundary layer after fragmentation [5].

Quantifying the critical stretch regarding the onset of fragmentation requires an experiment that
causes a stretch of the boundary layer. In addition, different load states have to be investigated to detect the
starting time of fragmentation. Furthermore, the metallographic analysis of the fragmentation state is only
possible in a cutting plane. Therefore, the fragmentation state should be homogeneous in one direction,
making the evaluation independent from the position of the normal cutting plane along that direction.

Tensile tests cause a stretch of the boundary layer under a known stress state. Due to a limited
degree of deformation and the necessary amount of tests to cover different load states, tensile tests are
not suitable for this purpose.

The channel compression test [23] together with a newly developed specimen shape causes
an unequal distribution of the boundary layer stretch. Such a test is very well-suited due to the
possibility to examine different deformation states of the boundary layer in one specimen. As the
name of the channel compression test suggests, the deformation is limited to a compression of the
height and a stretching along the channel. The sample width stays steady under ideal circumstances,
leading to a plain strain state, which is another main advantage of such a test.

2. Materials and Methods

The lateral sample guiding is realised by two steering plates screwed onto a base plate (Figure 3a,b).
By the through bores, they can be adjusted to the present stamp position and the width of the
actual specimen. To prevent sliding of the steering plates during compression, additional clamping
jaws are used. All areas that are in contact with the specimen are polished and lubricated with
a MoS2-paste. The loading device can be implemented into different testing machines together with
a temperature chamber. All compression tests performed with a stamp velocity of 2 mm/s are realised
in an 100 kN ZWICK/ROELL universal testing machine (Zwick GmbH & Co. KG, Ulm, Germany)
with an additional 5 kN force transducer. For all other tests, a 50 kN INSTRON hydraulic testing
machine (Instron GmbH, Darmstadt, Germany) is used (Figure 3c). The air heater is controlled by the
specimen temperature that is about 300 ◦C during testing. The thermal isolation of the loading device
is attained by ceramic punches, serving also as an universal base for different loading devices and
connecting parts for different testing machines.
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(c)
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Figure 3. Loading device for the channel compression test (a) Computer-aided design depiction;
(b) experiment; (c) implementation into a temperature chamber and a 50 kN INSTRON hydraulic
testing machine.

The dimensions of the specimen used for the channel compression test are shown in Figure 4
together with the associated coordinate system. The reduction of the height (y-direction) during testing
correlates with a radial compression, taking the point of withdrawal in the compound into account.
The specimen elongation parallel to the channel is equivalent to an elongation in the x-direction of the
specimen and respectively the tangential direction in the compound. A deformation in the z-direction
of the specimen that conforms to the extrusion direction is negligible through the steering plates.
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Figure 4. Channel compression specimen (all units are in mm) (a) dimensions and coordinate system;
(b) positions in the undeformed cross-section.

All channel compression tests are summarized in Table 1. Every set of parameters is represented
by three specimens extracted from the same rope section. The boundary layer thickness can be
adjusted by a previous thermal treatment as shown in [22]. This growth is based on the diffusion
of atoms across the interface at a temperature below the eutectic temperature. The lowest thickness
of 7.5 μm emerges already through the loading device heat-up process to 300 ◦C, lasting 120 min,
while the specimen is already located in the channel. The specimen temperature complies with
the billet temperature during the former hot mass forming processes carried out by Feuerhack [5].
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Boundary layer thicknesses of 10 μm and 12.5 μm are reached by an additional dwell time before
compression for 15 min and 30 min respectively. To achieve a thickness of 25 μm without a longer
dwell time, the specimen is heated up to a temperature of 350 ◦C for 10 min and then quickly cooled
down to test temperature of 300 ◦C by opening the oven door.

Table 1. Overview of all parameter sets.

Boundary Layer Thickness d Stamp Velocity Abbreviation

25 μm 0.2 mm/s V1
25 μm 2 mm/s V2/D4
25 μm 20 mm/s V3
25 μm 200 mm/s V4

7.5 μm 2 mm/s D1
10 μm 2 mm/s D2

12.5 μm 2 mm/s D3

To ensure the, in some cases, very high stamp velocities from the beginning of the compression,
a run-up is included in the test procedure. A run-up distance of 1 mm is sufficient to reach the required
stamp velocities. Due to the elasticity of the experimental setup, the traverse stroke differs from the
sample height reduction and has to be adjusted to ensure a compression of 1 mm. Immediately after the
compression, the sample is removed from the channel and cools down to room temperature. This step
prevents a subsequent thermal treatment and accordingly an additional boundary layer growth.

2.1. Metallographic Evaluation

At first, the check of the real boundary layer thickness is performed. With the aid of the digital
light microscope Leica VZ700 C with a DVM2500 camera (Leica Microsystems GmbH, Wetzlar,
Germany), the sample edges are closely investigated. These positions are appropriate due to the
negligible deformation during the compression because of the special sample shape (see Section 3.2).
The boundary layer thickness here corresponds to the state directly before the compression test.
To minimize the influence of local fluctuations in the thickness and for a statistical coverage, five
measurement points at both outer edges are analyzed per sample. The present average thicknesses
differ only slightly from the desired ones. The maximum deviations (2.5 μm) and fluctuations can be
detected for a thickness of 25 μm, resulting from distinctions in the heating process.

In regards to the following evaluation of the boundary layer structure with respect to the number
and length of fragments together with the distance between them, it is worthwhile to depict the
whole boundary layer in one image. The related microscope software enables an image extension
to cover large structures with a sufficient resolution. After preparing boundary layer images of all
specimens, each fragment and gap is sized (Figure 5) to receive information about the boundary layer
behavior under load. If the basic materials come into contact again between two fragments, a new
secondary boundary layer is built that still belongs to the gap and is not treated as a new fragment.
The deformation behavior of the secondary boundary layer cannot be investigated with the channel
compression test shown here. Due to an unknown point of development, this layer is only exposed to
an unknown part of the complete deformation. Furthermore, the thickness differs enormously from
the primary boundary layer, resulting probably in another deformation behavior as the following
investigations indicate. In the following assessment, the designation interface includes the complete
contact area of the two basic materials and therefore contains fragments and gaps. The designation
boundary layer only contains the fragments.
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fragment of the primary
boundary layer secondary

boundary layer

gap gap

AA6082

AZ31 50μm

Figure 5. Example image of the boundary layer after channel compression with fragments and gaps.

The schematic sketch in Figure 6 shows the measured dimensions above described together with
the associated parameters used for the evaluation. The length l0 corresponds to the theoretical initial
boundary layer length in an ideal manufactured specimen without the meandering shape of the real
boundary layer. A measurement of the real initial boundary layer is not possible due to the necessary
new surface preparation after channel compression, resulting in a material removal and accordingly
another cross section. Additionally, the disposal of the embedding resin after measuring l0 could
damage the specimen and its boundary layer.

Boundary layer after 
the heating process

Boundary layer after 
channel compression

Figure 6. Schematic sketch of the boundary layer before and after channel compression.

Receiving initial information about the ductility of the boundary layer, the length of the fragments
is summed up to lF

T in Equation (1) to compute the average fragment strain according to Equation (2).
εF should not be seen as a breaking elongation of the boundary layer due to the strong strain
inhomogeneity in the specimen due to the special specimen shape:

lF
T =

n

∑
i=1

lF
i , (1)

εF =
lF
T − l0

l0
. (2)

The lengths of the gaps are also summed up to lG
T in Equation (3) and used to calculate the

percentage of gaps on the interface pG after channel compression according to Equation (4). In contrast
to εF, the variable pG is only based on dimensions measured at the deformed cross section and is not
subjected to any assumptions like l0:

lG
T =

n−1

∑
i=1

lG
i , (3)

pG =
lG
T
l1

× 100%. (4)
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2.2. Stretch of the Boundary Layer

The special specimen shape induces an irregular distribution of the boundary layer stretch.
This results in an area of fragmentation that is always located in the middle of the interface. In the
outer parts, no fragmentation occurs. To determine the distribution of the boundary layer stretch,
a numerical simulation of the channel compression test is performed with ABAQUS 6.14-4 (Dassault
Systèmes Simulia Corp., Providence, RI, USA).

To verify the numerical simulation, the profile of the boundary layer after the compression is
used. A comparison of all 21 boundary layer profiles reveals no significant differences independent
of the fragmentation state. The measurement of the profile is done by a dot-wise scanning in the
image of the whole specimen shown. The specimen 3 of the parameter set V3 serves as a reference.
Due to the approximately identical profiles, the deformation behavior and the fragmentation state of
the boundary layer respectively seem to have no influence on the specimens macroscopic deformation.
For that reason, the boundary layer is not included in the simulation.

The three-dimensional simulation is based on some simplifications and makes use of both symmetries.
A schematic display of the numerical setup is shown in Figure 7 together with the used mesh geometry.
The stamp, steering plates and base plate consist of rigid bodies. The steering plates and the base
plate are connected to the channel and rigidly clamped. The stamp performs a vertical shift of 1 mm.
Shifts in all other directions and rotations are suppressed. The determined stamp shift does not correlate
with the traverse stroke in the experiments due to the missing elasticities of the experimental setup
in the numerical simulation. The stamp velocity is 200 mm/s. At the sections with contact boundary
conditions, friction is assumed. Between channel and specimen, a friction coefficient of 0.1 is determined
due to the lubrication. The specimen’s top and the stamp are not lubricated, which is why the friction
coefficient here is increased to 0.2. The heat-up and cool-down processes as well as the load relief after
the compression test are not considered in the simulation.

Figure 7. Numerical simulation of the channel compression test - schematic display of the setup
together with the used mesh geometry.

The material behavior in the simulation is based on flow curves determined by tensile tests with
dwell times and monolithic specimens extracted from the hydrostatic extruded rode. More information
about the tensile tests can be found in [24]. A tension–compression–anisotropy that occurs through the
production process is not considered in the simulation. According to NOSTER [25], the influence of
the stress direction on the deformation behavior of hot-rolled AZ31 at room temperature disappears
at 300 ◦C. Therefore, the use of an isotropic material behavior is permitted.

The implementation of rate-dependent flow curves in ABAQUS is possible through the
specification of a quasi-static flow curve together with the increase of the yield stress in accordance with
the equivalent plastic strain rate. The flow curves for AZ31 and AA6082, respectively, are described
in Figures 8 and 9. The approximate quasi-static flow curves correspond to the experimentally
determined curves at a logarithmic deformation rate of 5 × 10−5 s−1. The deformation rate in
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conjunction with a stamp velocity of 200 mm/s exceeds the deformation rate of the tensile tests,
for which reason the flow curves are extrapolated.
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Figure 8. Numerical and experimental flow curves of AZ31.
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Figure 9. Numerical and experimental flow curves of AA6082.

Both the quasi-static flow curves as well as the increasing of the yield stress are adapted and
extrapolated, respectively, with the aim of fitting the boundary layer profile in the simulation
to the measured one. The deviations from the measured flow curves that could emerge are
subordinated to this aim. A comparison of the real boundary layer profile with the simulation
revealed a satisfactory accordance (Figure 10), allowing to deduce the stretch of the boundary layer
from the numerical simulation.
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Figure 10. Comparison of the measured boundary layer profile (parameter set V3 specimen 3) and the
profile based on the numerical simulation (mirrored at x = 0), no true-to-scale illustration.
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3. Results and Discussion

3.1. Metallographic Evaluation

Receiving initial information about the ductility of the boundary layer, the average fragment
strain and the percentage of gaps are evaluated. The results regarding the dependency on stamp
velocity of a 25 μm thick boundary layer are shown in Figure 11. The large deviations between
samples with the same boundary layer thickness result from irregularities in the microstructure
(e.g., inclusions, the meander shape of the boundary layer, etc.) and small deviations during testing
(e.g., testing temperature, stamp stroke, etc.). The maximum average fragment strain of εF = 6.9%
is reached with a stamp velocity of 0.2 mm/s. Such a deformation is very slow in comparison to
mass forming processes and not industrially used. The remaining higher stamp velocities lead
to no significant fragment strain εF and thereby reveal a brittle material behavior. The shift from
brittle to ductile material behavior lies between the stamp velocities 0.2 mm/s (εF = 6.9%) and
2 mm/s (εF = 1.9%). Such a brittle-to-ductile transition in β- and γ-Al-Mg-phases at 300 ◦C is known
from the literature [26,27]. The microstructure seems to have a significant influence due to the
possibility of grain boundary sliding and the effects on the dislocation movement.

(a) Average fragment strain for the three specimens of each parameter set.

(b) Percentage of gaps on the interface for the three specimens of each parameter 
set together with the number of gaps in the beams.
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Figure 11. Results of the parameter sets with a boundary layer thickness of 25 μm and a varying stamp
velocity (a) εF and (b) pG.

As expected, this trend is also seen by considering the percentage amount of gaps on the interface
(Figure 11b). The brittle material behavior expresses itself through an increasing amount of gaps
on the interface. The stretch of the interface then arises from the fragment movement and not from the
stretch of the fragments.

The comparison of the interface structures in Figure 12 shows two brittle boundary layers.
The interface of V4 is represented by a large number of gaps and short fragments, respectively.

89



Metals 2018, 8, 157

The distinctive higher amount of gaps in V4 than in V2 indicates an increasing brittleness with higher
stamp velocities even though the difference in the average fragment strain is small.

100μm 100μm(a) (b)

Figure 12. Comparison of the fragmentation state in parameter set (a) V4 and (b) V2.

The dependency of the fragmentation state on the boundary layer thickness is investigated
by the same strategy. The associated diagrams are shown in Figure 13. Here again, a clear trend
becomes apparent. With a decreasing boundary layer thickness, the ductility increases significantly up
to an average fragment strain of 15.6% for a thickness of 7.5 μm.

D4
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12.5 μm

D2
10 μm

D1
7.5 μm

(a) Average fragment strain for the three specimens of each parameter set.

(b) Percentage of gaps on the interface for the three specimens of each parameter 
set together with the number of gaps in the beams.
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Figure 13. Results of the parameter sets with varying boundary layer thickness and a stamp velocity of
2 mm/s (a) εF and (b) pG.

The percentage of gaps on the interface follows, as expected, a reverse trend compared to the
average fragment strain. Decreasing the boundary layer thickness also leads to a decreasing pG due to
an enhanced ductility. The stretch of the interface then results from the stretch of the boundary layer.
Firstly remarkable is the extremely low number of gaps for the parameter set D1. Additionally, the gaps
seems to be randomly distributed. Secondly, the comparison of the sets D3 (12.5 μm) and D4 (25 μm)
reveals an almost identical number of gaps and fragments, respectively. Only the size of the gaps is
smaller in D3, therefore indicating a more ductile material behavior. It might be assumed that these
gaps emerge at a later point in time in the channel compression test, resulting in the partial filling of
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the gaps with the basic materials. For a 25 μm thick boundary layer, the interface elongation happens
through a movement of the fragments already evolving at the beginning of the compression and
resulting in larger gaps.

3.2. Stretch of the Boundary Layer

The computation of the boundary layer stretch is based on the coordinates of the nodes located
on the interface between the two basic materials in the numerical simulation. Using the distance of
two adjacent nodes δi before (i = 0) and after (i = 1) the compression test respectively, the stretch λBL

between the two nodes can be calculated according to Equation (5):

λBL =
δ1

δ0
(5)

The resulting stretch profile from the simulation is shown in Figure 14 for different loading stages.
Due to the specific specimen shape, the deformation starts in the middle section of the interface and
propagates further with an increasing stamp shift. At the outer sections, the interface stays in the origin state.
This stretch distribution correlates with the observed fragmentation states in the metallographic evaluation
(Section 3.1). Furthermore, it can be determined that, within one specimen, stretches from 1 to 1.38 exist at
the same time.

As a result, it is not necessary to consider different loading stages to evaluate different elongations of
the interface. This circumstance offers the opportunity for obtaining a critical stretch value depending on
the fragmentation beginning point as described below in Section 3.3.
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Figure 14. Stretch of the boundary layer λBL at different loading stages.

It is clear that the stretch maximum is not located in the center of the specimen
(stamp shift of 1 mm). In the middle of the specimen, the interface runs horizontal and the channel
compression test results in this area in an almost homogenous, simultaneously increasing stretching
normal to the compression. The area with the maximum stretch experiences an additional stretching
through a rotation of the orientation comparable to a simple shear deformation.

3.3. Fragmentation Criterion

The determination of the critical stretch where the fragmentation of the boundary layer starts is
based on the profile variable s. Figure 15 shows the definition of s, which is comparable to the length
of a trajectory. It starts at the edge of the specimen and follows the smoothed profile of the interface
(dashed line in Figure 15). Smoothing the real profile of the interface improves the comparability to
the numerical simulation where the individual meander shape of the real interface is not included.
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Figure 15. Definition of the profile coordinates sL und sR.

Starting from each specimen edge and following the interface profile, the position of the first gap
is marked as sL,crit and sR,crit, respectively. At this position, the fragmentation has just started and the
stretch at this position can be defined as critical stretch λcrit regarding the fragmentation for the related
boundary layer thickness and deformation rate. With the assistance of the numerical simulation, every
value of sL,crit and sR,crit, respectively, is related to a λcrit value. The results are summarized in Table 2,
which contains the average values of λcrit for every parameter set. Additionally, the extreme values
smax,crit and smin,crit of sL,crit and sR,crit are listed too for comparison between the parameter sets.

Table 2. Critical stretches of the boundary layer regarding the fragmentation and the measured
positions of the fragmentation onset.

Boundary Layer Stamp λcrit smin,crit smax,crit

Thickness d Velocity in μm in μm

25 μm 200 mm/s 1.03 1065 1537
25 μm 20 mm/s 1.04 1228 1615
25 μm 2 mm/s 1.14 1618 2058
25 μm 0.2 mm/s 1.35 2329 3576

7.5 μm 2 mm/s (1.26) 1524 3979
10 μm 2 mm/s 1.30 2124 2665

12.5 μm 2 mm/s 1.25 1996 2753

In the case of high stamp velocities (200 mm/s and 20 mm/s), the critical stretch amounts to only
1.03 and 1.04, respectively, confirming the statement formulated above that, at high deformation rates
and a boundary layer thickness of 25 μm, the elongation at fracture is very small. Decreasing stamp
velocity and deformation rate, respectively, lead to an increase of scrit and consequently of the
critical stretch. The range with fragmentation in the center of the specimen narrows.

The results of the metallographic evaluation regarding the dependency on the boundary layer
thickness are confirmed too with the exception of 7.5 μm. Due to the low quantity of gaps, the
determined critical stretch has a poor reliability for this parameter set, for which reason it is excluded
from the further utilization. Additionally, the gaps are randomly distributed resulting in inconsistent
values of scrit.

On the basis of the experimental and numerical investigations presented above, it is possible to
approximate the critical stretch λcrit of the measuring points as a function of the stretch rate Δλ /Δ t
and the boundary layer thickness d. The mathematical approximation is given by Equation (6).
The graphical representation in Figure 16 illustrates the identified dependencies. Distortion conditions
under the surface indicate an undamaged boundary layer. Above the surface, fragmentation starts.
Therefore, Equation (6) can be interpreted as a fragmentation criterion:

λcrit = 1.825 − 0.349 ln d + 0.032(ln d)2 + 0.048 e −Δλ /Δ t + 0.353 e −2 Δλ /Δ t (6)
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Figure 16. Critical stretch λcrit regarding fragmentation as a function of the stretch rate and the
boundary layer thickness.

4. Conclusions

The presented channel compression experiment is very well-suited to investigate the boundary
layer deformation behavior in hydrostatic extruded Al-Mg-compounds. Due to the newly developed
specimen shape and the resulting inhomogeneous strain distribution, it is possible to detect the onset
of fragmentation for a specific deformation rate and boundary layer thickness without a load variation.
Thereby, the amount of necessary tests could be reduced considerably. For each parameter set, a critical
stretch regarding onset of fragmentation is determined and transferred to a fragmentation criterion.
In this context, an initial contribution to the quantification of the load-dependent deformability of the
boundary layer is made and further complements the damage model from Feuerhack.

The results indicate the possibility to optimize forging processes regarding damage by
fragmentation through a reduction of the process speed and boundary layer thickness. Due to the need
for short process times in industry, the reduction of the process speed is limited. On the contrary, the
reduction of the boundary layer thickness is possible through shorter heat-up phases during production,
making it even more energy efficient respectively.

In future investigations, the three-dimensional deformation of the compound has to be addressed
to clarify the mutual influence of two deformation directions. For this purpose, it is recommended to
use computer tomography scans for the evaluation.
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Abstract: The publication describes the approaches and results of the investigation of arc brazing
processes to produce dissimilar joints of particle reinforced aluminium matrix composites (AMC) to
aluminium alloys and steels. Arc brazing allows for low thermal energy input to the joint parts, and is
hence suitable to be applied to AMC. In addition, a braze filler B-Al40Ag40Cu20 alloyed with Si with
a liquidus temperature of below 500 ◦C is selected to further reduce the thermal energy input during
joining. The microstructures of the joining zones were analysed by scanning electron microscopy
(SEM), energy dispersive X-ray spectroscopy (EDXS), and X-ray diffraction analysis (XRD), as well as
their hardness profile characterised and discussed. Joint strengths were measured by tensile shear
tests, and resulting areas of fracture were discussed in accordance to the joints’ microstructures and
gained bond strength values.

Keywords: arc brazing; brazing fillers; microstructure; wettability; aluminium matrix composite;
AMC; stainless steel; aluminium; joining

1. Introduction

Dissimilar metal joints under presence of light metals show a high potential to further improve
existing light weight solutions, since they strongly widen the design flexibility of components and
assemblies. To this design flexibility, high performance materials, like aluminium matrix composites
(AMC), add further advantages regarding the mechanical and physical properties, like a lower
coefficient of thermal expansion, higher specific strength, or an increased wear resistance in comparison
to non-reinforced aluminium [1–3]. The challenges of thermally joining aluminium to steel are known.
A large difference between their melting points, poor solid solubility of iron in aluminium, and hence,
the formation of Al-Fe intermetallic phases lower the resulting bond strengths of such joints [4–7].
Further bond strength reduction results from stress induced cracks alongside the formed brittle
phases [8,9]. Hence, different thermal joining techniques with lowered heat input to the joining area or
reduced joining times are a permanent object of research and development. Thus, friction welding,
spot welding, laser-assisted welding, and brazing processes, as well as hybrid welding processes
are suitable techniques to produce resilient dissimilar Al/steel joints [10–13]. The herein focussed
arc brazing represents a cost-efficient alternative to laser-assisted welding and brazing. When AMC
partners are subjected to thermal joining processes, their low thermal stability must additionally be
considered. The matter becomes more pronounced, when the reinforcing particle phase comprise SiC
that either thermally degrades or dissolves into the Al matrix, if the thermal load from the joining
process is too high. Dissolving will result in brittle intermetallic Al3C4 precipitates and a joint strength
decrease of 50% [14,15]. Furthermore, the level and time of the heat input influence metallurgic
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processes at the interface between matrix and reinforcement phase and can lead to high porosity levels
and chemical inhomogeneity in joining zones, if not adapted [16].

The presented work faces the above described problems. The work aim is an improved structural
homogeneity of joint zones and hence higher joint strengths of dissimilar AMC/Al and AMC/steel
joints in comparison to those resulting from conventional thermal joining techniques, like fusion
welding, flux-aided furnace, or vacuum brazing. To achieve this aim, arc brazing is applied.
Arc brazing offers the possibility to effectively minimize the heat input to joining zones. Especially,
the thermal damage of AMC microstructures shall to be avoided by the combination of a focused
arc with localised heat input and a low-melting braze filler. Another benefit is expected from an
improved wetting of the braze filler on the substrates due to a process-inherent degradation of oxide
layers at the surfaces of the metallic joining partners. The described aim could also be achieved by
non-fusion welding, like friction welding, but arc brazing is chosen for its higher design flexibility
regarding joint zone geometries and the non-existent wear of joining tools when processing AMC with
hard-phase reinforcement.

2. Materials and Methods

The used AMC joining partners are from powder-metallurgically produced material EN AW-2017 +
10 vol % (SiC)P. Stainless steel joining partners are sheets from AISI 304L, while aluminium partners are
made from EN AW-6082. All surfaces to be joined are ground and polished to Rz < 1 μm. Arc brazing
processes are carried out using a TIG (tungsten inert gas) welding unit with alternating current (AC)
of 40 A and Ar shielding gas (EWM, Muendersbach, Germany). Test specimens are brazed as lap
joints. The braze filler is applied manually. In wetting tests, the arc is ignited next to an applied
braze filler pearl of 0.1 g mass and subsequently moved over it. The arc is interrupted either after
wetting occurred or after 4 s of process time to avoid melting of the base material. During joining and
wetting experiments, the work distance between electrode and sample surface is approximately 10 mm.
Microstructure investigations are performed by light microscopy (LM, Olympus Europa, Hamburg,
Germany), scanning electron microscopy (SEM, LEO1455VP, Carl Zeiss Microscopy, Jena, Germany),
and hardness measurements according to Vickers with a force of 0.005 kp (i.e., a load of about 5 g)
with an imprint duration of 15 s (HV0.005/15). The chemical composition of phases and larger areas
like diffusion zones are examined via energy dispersive X-ray spectroscopy (EDXS, EDAX Genesis,
Carl Zeiss Microscopy, Jena, Germany) and X-ray diffraction analysis (XRD, D8 “Discover”, Bruker,
Billerica, MA, USA) with Co-Kα radiation (wavelength λ = 0.178886 nm, phase database PDF-2014).
Wetting angles are measured at cross sections images, using a digital imaging tool. Differential
scanning calorimetry (DSC, Netzsch, Selb, Germany) is used to determine the melting temperature of
applied braze fillers. Produced lap joints are measured regarding shear tensile strengths at test speed
v = 1 mm/min and room temperature.

The commonly used braze fillers for brazing aluminium alloys are Al-Si- or Zn-Al-based
alloys [4,17–20]. Beside a better corrosion resistance of the Al-Si braze fillers, in dissimilar Al/steel
joints Si prevents the growth of intermetallic Fe-Al phases by lowering the diffusivity of aluminium
due to the formation of intermetallic Fe-Al-Si phases [21]. On the downside, the working temperature
of Al-Si braze fillers is higher in comparison to Zn-Al fillers and may exceed the solidus temperature of
Al-Si-based aluminium casting alloys that are frequently used in AMC. Therefore, a recently introduced
braze filler basing on a ternary Al-Ag-Cu system comprising the eutectic composition of 40 wt % Al,
40 wt % Ag and 20 wt % Cu is used within the presented work (B-Al40Ag40Cu20, Tm = 506 ◦C [22]).
This braze filler was alloyed with Si to improve its wetting behaviour on stainless steel [23]. Therefore,
a master alloy (B-Ag72Cu-780) is continuously casted and complemented with Al (purity 99.99%) and
Cu (purity 99.9%) to gain the announced eutectic composition. Furthermore, 1.2–1.4 wt % of Si are
added (purity 99.9999%). To prevent melt pool oxidation, the braze filler production is done in inert Ar
atmosphere. Besides positively affecting the braze filler’s wetting behaviour on stainless steel, adding
Si reduces its melting temperature from 506 ◦C to 497 ◦C in comparison to the former ternary eutectic
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composition, Table 1. The homogeneity of alloying components within the produced braze filler rods
is controlled and proven by EDXS analysis.

Table 1. Chemical compositions and melting temperatures of the eutectic and Si-alloyed braze fillers.

Specification
Chemical Composition (wt %) TM (◦C)

Al Ag Cu Si

Eutectic Al-Ag-Cu braze filler (B-Al40Ag40Cu20) 40 40 20 - 506
Si-alloyed Al-Ag-Cu braze filler (B-Al39.5Ag39.5Cu20Si1) 39.44–39.52 39.44–39.52 19.72–19.76 1.2–1.4 497

3. Results and Discussion

3.1. Wetting Behaviour

The boarders between different categories of wetting behaviour are openly discussed and often
related to a specific field of application. Distinctions between “good wetting” and “poor wetting”,
as well as “wetting” and “no wetting”, however, are frequently fixed to wetting angles of either less
or more than 90◦ [24–27]. For brazing processes, an optimal wetting angle between liquid braze filler
and solid joining partner is often defined as less than 30◦ [24,27,28], but sufficient diffusion between
braze filler and base material takes already place at much higher wetting angles. B-Al40Ag40Cu20
braze filler shows very good wetting when arc brazed on AMC, with wetting angles of less than 20◦.
Still satisfactory wetting is documented for it on stainless steel, with wetting angles of approximately
90◦. As presented in a former publication, a brazing current variation between 40 A and 45 A does not
visibly influence the wetting result [29]. SEM/EDXS analyses of AMC wetting samples show large
diffusion zones. Qualitative XRD suggests a dominant ternary eutectic microstructure that results
from the braze filler and consists of CuAl2, Ag2Al, as well as Al solid solution. Close to the AMC
interface, primary solidified Al- and Al-Ag-rich solid solutions are identified, Figures 1 and 2. XRD
further reveals a content of (SiC)P reinforcement that dissolved from the AMC base material as well
as intermetallic Al7Ag3. Details are presented in and Table 2 and in [29]. Since EDXS measurements
include data from a globular excitation volume of about 2 μm in diameter, the presented chemical
compositions of the analysed fine phases represent qualitative results, and were hence rounded to
integral numbers. The results are backed up by literature data [30,31].

Figure 1. Microstructure (SEM) of braze filler B-Al40Ag40Cu20 wetted on AMC EN AW-2017 + 10
vol % (SiC)P, current intensity 40 A [29].
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Figure 2. Braze seam of area marked in Figure 1, 1: ternary eutectic microstructure, 2: primary
solidified Al-rich solid solution, 3: primary solidified Al-Ag-rich solid solution, 4: ternary eutectic
microstructure [29].

Table 2. Chemical compositions (energy dispersive X-ray spectroscopy (EDXS)) of phases and detected
phases (X-ray diffraction analysis (XRD)) in braze filler B-Al40Ag40Cu20 wetted on aluminium matrix
composites (AMC) EN AW-2017 + 10 vol % (SiC)P in accordance to markings in Figure 2.

In comparison to these results, stainless steel samples wetted by B-Al40Ag40Cu20 show a compact
intermetallic phase seam next to the steel interface with columnar solidified crystal structures growing
in the direction of the eutectic microstructure of the braze filler, Figures 3 and 4. Compact hard phase
seams can lower the resulting bond strength significantly [32]. In the case of the present material
combination, thickly developed brittle seams are prone to stress cracking during joint cooling, which
is induced by different coefficients of thermal expansion (CTE).
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Figure 3. Microstructure (SEM) of braze filler B-Al40Ag40Cu20 wetted on stainless steel AISI 304L,
braze current intensity 40 A [29].

Figure 4. Braze seam of area marked in Figure 3, 1: Al-Ag-rich solid solution, 2: Fe-containing Al-rich
phase (probably Al13Fe4), 3: intermetallic phase seam of Al-Fe type with contents of Cr and Ni [29].

In the present material combination, the CTE values are 23.4 × 10−6 K−1 and 18 × 10−6 K−1

for the braze filler and base material, respectively [33]. EDXS and XRD analyses, again being
presented in detail in [29], define the columnar structures as large areas of an Al-Ag-rich phase
next to a Fe-containing Al-rich phase, whose chemical composition indicates intermetallic Al13Fe4.
The compact phase seam probably consists of the intermetallic Al2Fe containing Cr and Ni from
the base material. In addition a solid solution of Fe, Ni, and Cu with austenitic lattice is determined
near the steel interface [29,34]. Details are presented in and Table 3. Again, the therein given EDXS
values were rounded to integral numbers.

3.2. Dissimilar Joints by Arc Brazing

With regard to the Al-based joining partners, the interfaces between the processed
B-Al39.5Ag39.5Cu20Si1 braze filler and the respective base material that develop during the applied
arc brazing processes are similar to those that are resulting from the wetting tests. According to SEM
investigations, AMC and non-reinforced aluminium EN AW-6082 both exhibit a eutectic braze seam
microstructure resulting from the braze filler. Hence, the fine eutectic microstructure is interpreted
as comprising the ternary eutectic phases Al2Cu, Ag2Al, as well as Al solid solution. At the EN
AW-6082 surface an additional seam of Al solid solution is detected. This non-cohesive phase shows
a higher amount of Al compared to the Al solid solution of the ternary eutectic microstructure that
resulted from the wetting test, Figure 5a. In comparison to this, the braze seam microstructure close to
the AMC also shows a non-cohesive Al phase seam, though with lower homogeneity. In addition, due
to the composition of the AMC EN AW-2017 matrix, which is closer to the composition of the braze
filler in comparison to aluminium EN AW-6082, the diffusivity and formation of the ternary eutectic
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phases Al2Cu, Ag2Al, and Al solid solution is slightly increased. This results in a more pronounced
diffusion zone of approximately twice the thickness of that on EN AW-6082, Figure 5b. The additionally
observed Cu precipitates in the AMC base material are interpreted as a result of the heat input during
brazing and a subsequent precipitation hardening effect.

Table 3. Chemical compositions (EDXS) of phases and detected phases (XRD) in braze filler
B-Al40Ag40Cu20 wetted on stainless steel AISI 304L in accordance to markings in Figure 4.

Figure 5. Microstructure (SEM) of the interfaces of braze seams between B-Al39.5Ag39.5Cu20Si1 braze
filler and (a) aluminium EN AW-6082, (b) AMC EN AW-2017 + 10 vol % (SiC)P as well as (c) stainless
steel AISI 304L [35].
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The braze seam microstructure of the interface close to stainless steel exhibits obvious differences
when compared to those of Al-based joint partners as well as the results from wetting tests, Figure 5c.
The respective phase detection by XRD measurements is presented in Table 4 in accordance to
the marked regions in Figure 5c (above). The ternary eutectic microstructure of the braze filler
is not existent, although Al2Cu and Ag2Al are found by qualitative XRD measurements in this
region. The diffusion zone between braze seam and base material comprises at least three consistent
phase layers, forming a seam of about 10 μm total thickness. Qualitative XRD measurements in
the interface area revealed three intermetallic phases Fe3Al, FeAl, and Al37Cu2Fe12 (Al3Fe-type), which
are interpreted to form this visible seam with an increasing share of Al in the direction of the braze
seam. Detailed analysis results are presented by the authors in [35]. In SEM images, stress induced
cracks are visible in the interface between the FeAl and FeAl3 layer, Figure 5c below. This failure
already occurs in braze seams not subjected to mechanical load. Hence, the crack initiation can be lead
back to abrupt changes in the hardness levels (FeAl: 470 HV1, FeAl3: 892 HV1) and combined internal
stresses during cooling [36]. The detection of FeAl3 in the braze seam far from the interface to the steel
base material (comp. Table 4) indicates a strong alloying of the braze seam with Fe, probably due to
erosion of the steel base material.

Table 4. Detected phases (XRD) in the interface of braze seams between B-Al39.5Ag39.5Cu20Si1 braze
filler and stainless steel AISI 304L in accordance to region markings in Figure 5c (above).

The different microstructure features of the interfaces between B-Al39.5Ag39.5Cu20Si1 braze
seam and the different base materials are also visible in their respective hardness profiles, Figure 6.
The displayed profiles were taken within a distance of 30 μm from the braze seam/base material
interface in either direction. Hardness levels are recorded in steps of 10 μm. To ensure the demanded
distance between the measuring points according to Vickers HV0.005/15, measurements are taken
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along an offset line (cross section picture in Figure 6). A smooth hardness transition is documented
between braze seam and Al-based joining partners, resulting from the Al solid solution phase that
forms close to the respective interfaces. These nearly constant hardness profiles are considered to
significantly lower the risk of cracks in this area, when mechanical load is applied. In contrast to this
observation, the hardness increase at the interface of braze seam and stainless steel is much stronger.
This results from the above documented alloying of the braze seam with Fe, Ni, and Cr from the steel
base material and the subsequent formation of intermetallic Al-Fe phases. In the direction of the former
steel surface, the content of Al, and hence the measured hardness levels decrease from about 1000
HV0.005/15 to 500 HV0.005/15. In addition, the non-eutectic microstructure of the braze seam in this
area exhibits a significantly higher hardness level than that close to the Al base materials.

The features and properties of the different microstructures in the investigated dissimilar joints
become obvious in the conducted tensile shear tests. Tensile shear test samples were produced from
sample sheets with height H = 1.5 mm, width W = 10 mm, and lengths of L1~50 mm. The joint
area overlap was L2 = 15 mm. Due to the arc brazing joint geometry, however, true joining areas
differed from each other according to applied braze filler amount and the wettability of the base
materials. The respective joining area ranges for the different dissimilar joints are given in Table 5.

Figure 6. Hardness profiles at the investigated interfaces in dissimilar joints [35].

Figure 7 shows tensile shear strength values obtained from respective tests of braze joints of AMC
EN AW-2017 + 10 vol % (SiC)P to itself and in dissimilar joints to EN AW-6082 and steel AISI304L.
Figure 8 shows the tested specimens and areas of fracture. The developed arc brazing routine under use
of the newly introduced braze filler B-Al39.5Ag39.5Cu20Si1 permits AMC/AMC joints with average
tensile shear strengths of about 55 MPa, showing maximum values of about 80 MPa. The resulting
areas of fracture comprise partly ductile failure that mainly occur within the braze seam material close
to the AMC joining partner with lower braze filler wetted area. The ductile failure is attributed to
the well-developed diffusion zone between the braze seam and AMC base material in this region.
In comparison to flux-aided furnace brazing processes the bond strength values are high. This is
attributed to the successful oppression of (SiCP) dissolution and the related formation of aluminium
carbides. Applying the same arc brazing routine and braze filler to dissimilar AMC/EN AW-6082
joints results in lower average bond strengths of about 40 MPa. Fracture occurs close to the surface
of the EN AW-6082 base material. This is lead back to the underrepresented diffusion zones on
the former Al alloy surfaces. The pictured fracture area in Figure 7 hence shows less ductile zones in
comparison to the fracture area of AMC/AMC samples. For the applied arc brazing routine, the bond
strength of dissimilarly joined AMC/AISI304L is lowest in comparison to the tensile shear strengths of
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AMC/AMC and AMC/EN AW-6082 brazing joints. The average value is about 20 MPa, which leads
back to the microstructure, hardness level, and crack density that occur in the braze seam area close to
the steel partner. Hence, brittle fracture occurs at the surface of the AISI304L base material. The same
place of failure occurs in flux-aided brazing joints of the same type. However, in comparison to
results from conventional flux-aided furnace brazing, the average bond strength value is doubled.
This positive result is understood to come from a comparatively thinner seam of intermetallic phases
and a finer dispersed distribution of intermetallic phases within the braze seam close to the former
steel surface, when the described arc brazing routine is applied.

Table 5. True joining areas of dissimilar joints tested regarding shear tensile strength (Figures 7 and 8).

Braze Joint Type AMC/AMC AMC/EN-6082 AMC/AISI304L (Arc Brazed) AMC/AISI304L (Flux Brazed)

Joining Area (mm2) 33–36.5 26–51 34–112 49–85

Figure 7. Bond strength values resulting from tensile shear tests for different similar and dissimilar
braze joints using arc brazing routine and braze filler B-Al39.5Ag39.5Cu20Si1.
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Figure 8. Tested specimens and resulting areas of fracture in accordance to the test and bond strength
values presented in Figure 7.

4. Conclusions

Joints of particle reinforced aluminium matrix composites to itself, stainless steel, and aluminium
alloy were successfully produced by arc brazing. The investigation of the microstructures of
the developed braze filler and the produced joints proved that the resulting thermal influence on
the processed aluminium materials is low, which results in thin diffusion zones. Additionally, it is
noticeable that the ternary eutectic microstructure of the braze filler still exists within the braze seam
close to the aluminium-based joining partners. The hardness profile at the interfaces between braze
seam and aluminium alloy as well as AMC is accordingly flat, showing nearly constant hardness
levels of approximately 300 HV0.005/15. The nearly constant hardness levels lead to high average
bond strengths of these brazing joints of about 40 MPa and 55 MPa, respectively. In contrast to this,
the interfaces of the braze seam to stainless steel showed detrimental microstructures and hardness
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profiles, due to severe alloying of the braze filler during arc brazing. As a result, various intermetallic
phases and phase seams formed instead of the announced ternary eutectic microstructure that was
documented for braze seam areas that are close to the Al-based joining partners. However, the resulting
average bond strength of 20 MPa was twice as high as that gained for comparatively produced
conventionally furnace-brazed AMC/steel joints.

In summary, arc brazing is a suitable technique to join AMC to Al alloys with high bond strengths.
Permanent arc brazed joints of AMC to steel could be produced, however, shear tensile tests revealed
significantly lower bond strengths due to a persistent brittle phase seam at the surface of the steel
partner. Hence, further adapted brazing processes are necessary to reduce heat input and to prevent
the formation of brittle intermetallic phases, especially seams of intermetallic Fe-Al phases.
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Abstract: Diffusion bonding is a well-known technology for a wide range of advanced
joining applications, due to the possibility of bonding different materials within a defined
temperature-time-contact pressure regime in solid state. For this study, aluminium alloys AA 6060,
AA 6082, AA 7020, AA 7075 and magnesium alloy AZ 31 B are used to produce dissimilar metal
joints. Titanium and silver were investigated as interlayer materials. SEM and EDXS-analysis,
micro-hardness measurements and tensile testing were carried out to examine the influence of the
interlayers on the diffusion zone microstructures and to characterize the joint properties. The results
showed that the highest joint strength of 48 N/mm2 was reached using an aluminium alloy of the
6000 series with a titanium interlayer. For both interlayer materials, intermetallic Al-Mg compounds
were still formed, but the width and the level of hardness across the diffusion zone was significantly
reduced compared to Al-Mg joints without interlayer.

Keywords: diffusion bonding; aluminum; magnesium; interlayer; titanium; silver; PVD-coating;
microstructure; tensile testing; fracture surface analysis

1. Introduction

Diffusion bonding is a widely used technology for creating similar and dissimilar joints from
challenging materials. These materials are usually joined at elevated temperatures, between 0.5 and
0.8 of the absolute melting point, using a defined contact pressure with a joining time ranging from a
few minutes to a few hours. However, the joining process and weldability are highly influenced by
the tendency to form oxide layers, e.g., for aluminium and magnesium [1,2]. To improve the limited
weldability of aluminium and magnesium, surface treatment is necessary to remove the stable and
tenacious oxide layer and limit the formation of brittle intermetallic Al-Mg compounds [3,4].

Diffusion bonding of aluminium and magnesium with interlayer materials has been extensively
investigated to improve the joint properties and promote atomic diffusion processes across the bond
line [1,3–10]. For this purpose, a large group of interlayer metals is available to influence the properties
of the diffusion zone.

Nickel with a thickness of 6 μm was used as interlayer for diffusion bonding of pure aluminium
and pure magnesium. After mechanical surface treatment by grinding, both materials were bonded at
440 ◦C, 1 N/mm2 contact pressure and 60 min bonding time. The results showed that the formation of
the intermetallic Al-Mg compound can be avoided, but at the interfaces of both aluminium/nickel
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and nickel/magnesium, brittle intermetallic compounds were formed. Therefore, a relatively low joint
strength of 26 N/mm2 was achieved [5].

Good results were achieved for a diffusion bond between AA 6061 and AZ 31 B with zinc
or a zinc-aluminium interlayer with a thickness of 35 μm. A shear strength of 86 N/mm2 was
reached, due to the eutectic formation of Al-Zn compounds along the bond line. No formation of
intermetallic Al-Mg compounds was observed, but intermetallic Mg-Zn compounds still limited the
joint strength [6,7].

Silver as interlayer material was examined for diffusion bonds of pure aluminium to pure
magnesium. The maximum joint strength of 14.5 N/mm2 was reached at 390 ◦C bonding temperature,
30 min holding time and 5 N/mm2 contact pressure with a silver layer thickness of 25 μm. The silver
diffused completely into both base materials, and brittle intermetallic compounds of Al-Mg and Mg-Ag
were formed. Furthermore, the hardness measurement across the diffusion zone revealed a hardness
peak on the magnesium side of the diffusion zone, which consisted of different Mg-Ag phases and
weakened the joint [8,9].

The aim of this investigation was to systematically study the effect of titanium and silver as
interlayer materials on microstructure and mechanical properties for different Al-Mg diffusion bonds.

2. Experimental Section

2.1. Materials, Equipment and Process Parameters

For this study, the aluminium alloys AA 6060, AA 6082, AA 7020 and AA 7075 and the magnesium
alloy AZ 31 B were investigated. The chemical composition of the materials is summarized in Table 1.
All aluminium alloys were used in the T6 heat-treated condition except for AA 6060, which was used
in condition T66.

Table 1. Chemical composition of the base materials according to manufacturer’s specifications [11,12].

Materials
Chemical Composition in wt %

Al Mg Zn Si Cu Mn Fe Ti Cr

AA 6060 bal. 0.35–0.6 0.15 0.3–0.6 0.1 0.1 0.1–0.3 0.1 0.05
AA 6082 bal. 0.6–1.2 0.2 0.7–1.3 0.1 0.4–1.0 0.5 0.1 0.25
AA 7020 bal. 1.0–1.4 4.0–5.0 0.35 0.2 0.05–0.5 0.4 - 0.1–0.35
AA 7075 bal. 2.1–2.9 5.1–6.1 0.4 1.2–2.0 0.3 0.5 0.2 0.18–0.28
AZ 31 B 2.8–3.0 bal. 1.0 - - - - - -

Cylindrical specimens 20 mm in diameter and 15 mm in length for the aluminium alloys and
10 mm in length for the magnesium alloy were machined. Aluminium samples were produced by
turning. The magnesium samples were cut out of sheet metal using a water jet. The joining surfaces
were therefore equivalent to the rolled surfaces of the sheets.

All surfaces were characterized by tactile surface measurement (Hommel Etamic T8000, Jenoptic,
Jena, Germany). An area of 1.5 mm by 1.5 mm was measured with a tip radius of 5 μm and 90◦ angle
(measuring sensor: Hommel Etamic TKL 100, Jenoptic, Jena, Germany) and a measuring speed of
0.15 mm/s.

Joining was carried out using a PVA TePla COV 323 HP diffusion bonding machine (PVA TePla
AG, Wettenberg, Germany) directly coupled to a glovebox. Details of the setup can be seen in Figure 1
and in [13]. Bonding temperatures of max. 1100 ◦C and loads of max. 100 N/mm2 for an area of 300 mm
by 300 mm. Diffusion bonding experiments were carried out under argon with a pressure of 700 hPa.
A bonding temperature of 415 ◦C, bonding time of 60 min and a contact pressure of 8.5 N/mm2 was
used, based on preliminary experiments on aluminium and magnesium diffusion bonding. All bonding
parameters, such as temperature, time and pressure, were automatically controlled throughout the
whole bonding process. For each configuration, six specimens were bonded. One specimen was
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subjected to a detailed metallographic investigation and micro hardness measurements and five
specimens were used for tensile testing. The bonded samples were machined to top hat samples
(Figure 2a), in accordance with the ram tensile test [14]. The tensile strength was determined
using a universal test machine and a special punch-die-equipment (Figure 2b). Fracture surfaces
of tensile specimens and the microstructural characteristics of the diffusion zone were examined using
a SEM (Zeiss LEO1455VP, Carl Zeiss AG, Oberkochen, Germany) and EDXS analysis (EDAX Genesis,
AMETEK, Inc., Berwyn, PA, USA).

Figure 1. Sectional view of the technology for in-line surface treatment and diffusion bonding.

(a) (b) 

Figure 2. Tensile testing of diffusion bonded joints (a) characteristic geometrical dimensions of a top
hat sample and (b) schematic testing setup.

2.2. Surface Preparation

All aluminium samples were machined to a pre-defined surface roughness. Subsequently,
the joining surfaces were cleaned using an electron beam and immediately coated with titanium
or silver using physical vapor deposition (PVD). The layer thickness for all layers was 2 μm. Therefore,
the new formation of oxide layers on the joining surfaces was inhibited. Titanium was chosen as
interlayer because the interlayer will form a diffusion barrier for the intermetallic Al-Mg compounds
during diffusion bonding. However, the interdiffusion of Al-Ti and Mg-Ti will form the joint between
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the aluminum and magnesium materials. In contrast to titanium, silver shows a good diffusivity of
Al-Ag and Mg-Ag. The diffusion of silver into the bas materials can influence the interface properties
most-likely. Furthermore, the soft silver interlayer will improve the forming process of the joining
surfaces to each other.

The magnesium surfaces were chemically treated in the glovebox directly before joining. The oxide
layer was removed by immersing the specimens in HNO3 with a chemical concentration of 10 wt %
for 30 s. Both the titanium and silver coatings and the chemical surface treatment were carried out so
that the roughness of the joining surfaces was not significantly affected.

2.3. Diffusion Bonding Procedure

After the chemical surface treatment, the aluminium and magnesium samples were assembled
on top of each other and transferred from the glovebox into the diffusion bonding chamber. A small
contact pressure of ca. 3 N/mm2 was applied during heating up to 350 ◦C (heating rate of 3–5 K min−1),
to reduce the macroscopic deformation of the magnesium sample. When a temperature of 350 ◦C was
reached, the contact pressure was increased to 8.5 N/mm2 to reach a near full-faced contact. At 415 ◦C,
the pre-determined bonding time of 1 h was held. At the end of the diffusion bonding procedure,
specimens were cooled to room temperature in the chamber at 2–10 K min−1.

3. Results and Discussion

3.1. Joining Surfaces

The surface roughness Sz after turning of the aluminum specimens was Sz = 5.2 μm ± 0.3 μm.
Coating only slightly changed the joining surfaces to Sz = 5.1 μm ± 0.2 μm. The macroscopic
characteristic traces of the turning process were still visible (Figure 3a). The chemical surface treatment
of AZ 31 B changed the surface roughness from Sz = 21.6 μm to Sz = 20.4 μm, due to the removal of
material (Figure 3b).

 
(a) (b)

Figure 3. Tactile measured surface topographies of the joining surfaces after surface treatment with
(a) Sz = 5.2 μm of AA 6082 coated with titanium and (b) Sz = 20.4 μm of AZ 31 B after chemical treatment.

The rolled magnesium surfaces exhibit a higher surface roughness compared to the aluminium
surfaces, but through the enhanced formability of AZ 31 B above 230 ◦C, a full-faced contact can be
assumed. Furthermore, through a higher surface deformation, the amount of lattice defects increases,
and thus diffusivity is enhanced.
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3.2. Joint Properties with Titanium Interlayer

All aluminium alloys showed a similar morphology in the diffusion zone. Figure 4 depicts
the diffusion zone of an AA 7020-AZ 31 B bond. No diffusion of titanium into the aluminium was
detected. The interlayer showed similar thickness to the as-coated condition with the exception that
a few discontinuities due to fracture of the layer were observed. The EDXS line scan confirmed the
interdiffusion of Al and Mg for all joints. Mg, in particular, diffused from the AZ 31 B into the base
materials of the 6000 series aluminum alloys, and Al-Mg compounds were formed. The aluminium
alloys of the 7000 series showed a higher concentration of Zn in the diffusion zone and intermetallic
Al-Mg compounds, respectively (Figure 5). Characterization confirmed that the formation of the
intermetallic Al-Mg compound was not avoided by the titanium interlayer. The discontinuous layer
structure and the relatively thin layer thickness most likely were not sufficient to suppress interdiffusion.
The thickness of ca. 40–50 μm of the intermetallic Al-Mg compound along the interface is similar to
the results of joining experiments without interlayer material for the same bonding parameters, e.g.,
compared to the results of Dietrich et al. [15]. However, no joints with titanium interlayer exhibited
cracks or voids along the bond interface, indicating that full metallic continuity had been reached.

 

Figure 4. SEM image of the diffusion zone of Al-Mg joint consisting of (1) Al3Mg2; (2) Al12Mg17 with
ca. 3 at-% Zn; (3) Al12Mg17 with ca. 2 at-% Zn; and (4) Al12Mg17.

Figure 6 shows the results of Vickers micro-hardness measurements across the interface of the
Al-Mg joints. A significant increase in hardness can be seen for all diffusion zones of the bonds.
The magnesium side of the 7000 series aluminium joints show a different behavior compared to the
6000 series. The correlation of Figures 5 and 6 confirms that a higher concentration of zinc on the
magnesium side leads to higher micro-hardness.
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Figure 5. Elemental distribution across the interface of the Al-Mg joint of with titanium interlayer
(Figure 4) measured by EDXS line scan.

 

Figure 6. Hardness profiles across the interface of the diffusion-bonded Al-Mg joints with titanium interlayer.

3.3. Joint Properties with Silver Interlayer

In contrast to the results with titanium interlayer, a reaction of the silver coating with the base
materials during joining was observed. The silver diffused completely into the base materials, and an
intermetallic Al-Mg compound was formed. This zone also contained silver. The white dotted regions
in zone 3 of Figure 7 are slightly enriched in silver (Figure 8). Kirkendall voids were formed on the
magnesium side, due to the higher coefficient of diffusion of magnesium atoms in aluminium. This is
in accordance with other researchers, such as Jafarian et al. [10], who observed similar phenomena for
diffusion bonding of aluminium and magnesium with or without interlayer materials. An increase in
the contact pressure will avoid the formation of Kirkendall voids; however, macroscopic deformation
will increase. The hardness profiles of the Al-Mg joints with silver interlayer exhibit an increase in
hardness at the interface of the intermetallic compound Al12Mg17 and the magnesium base material.
This is pronounced for the aluminum alloys of the 7000 series (Figure 9). The chemical composition of
the areas of high hardness again showed an increase of zinc in this area. The enrichment of zinc in the
magnesium can form a metallurgical notch in this area away from the bond line. This notch effect is a
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typical cause of failure for similar and dissimilar joints. For aluminium and magnesium joints without
interlayer, the metallurgical notch is located at the interface of the aluminium base material and the
Al3Mg2 intermetallic compound. These effects were also observed by Liu et al. [7,10].

 

Figure 7. SEM image of the diffusion zone of an Al-Mg joint revealing (1) impurities of Al, Mg, Si and
O2, (2) the Al-rich intermetallic phase Al3Mg2 with ca. 1.5 at-% Ag and (3) the Mg-rich intermetallic
phase Al12Mg17 with ca. 3 at-% Ag.

 
Figure 8. Elemental distribution across the interface of the Al-Mg joint with silver interlayer (Figure 6)
measured by EDXS line scan.
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Figure 9. Hardness profiles across the interface of the diffusion-bonded Al-Mg joints with silver interlayer.

3.4. Tensile Testing and Fractography

Figure 10 summarizes the results of the tensile tests with the top hat specimens. Joints with
titanium interlayer exhibit the highest strength levels, especially for the aluminium alloys of the
6000 series. The hardness measurements of these show the lowest increase in hardness across the
diffusion zone. The hardness profiles of the 7000 series aluminium alloys show an increased hardness
by 75 HV 0.01. The fracture surface of an AA 6060 and AZ 31 B joint shows a dense layer of the
titanium coating with only few areas of intermetallic Al-Mg compounds (Figure 11). For both the
AA 6060 and the AA 6082 aluminium alloys, the fracture surfaces exhibited a dense titanium coating
that corresponds to the high rupture strength of 48.3 N/mm2. However, lower joint strengths were
observed for the 7000 series joints with titanium interlayer. The fracture surfaces of the AA 7020 reveals
a higher amount of intermetallic Al-Mg compounds (Figure 12). These intermetallic compounds
exhibit very brittle behavior, especially when exposed to a tensile load. As a consequence, the base
material strength of magnesium of 260 N/mm2 was not nearly reached. Furthermore, a partial
delamination of the titanium coating was observed on the fracture surfaces (Figure 12, No. 3).
Significant lower joint strengths were achieved using silver as interlayer material. The hardness
profiles (Figure 8) already showed both a higher averaged hardness level in the diffusion zones and a
hardness peak on the magnesium side of the 7000 series aluminium alloys. The fracture surface of
the aluminium side, shown in Figure 13, exhibits a rough surface, which is characteristic of brittle
failures of intermetallic compounds. The EDXS analysis of the fracture surfaces showed that Al3Mg2

and Al12Mg17 intermetallic phases are present. Despite high hardness on the magnesium side and
the confirmed metallurgical notch in this position, the joint finally failed in-between the intermetallic
compounds. As a result, the rupture strength for AA 7020 was only 27.7 N/mm2. In contrast to the
6000 series aluminium alloys (Figure 13), the fracture surface of AA 7020 (Figure 14) appears smoother,
but still contains rough areas. The fracture location was probably between the aluminium base material
and the intermetallic Al-Mg compound, which contained traces of silver and zinc. Similar fractures as
for AA 6060 were observed for AA 6082 and AA 7075.
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Figure 10. Joint strength of diffusion-bonded aluminum and magnesium with titanium or silver interlayers.

 

Figure 11. SEM image of a fracture surface of an AA 6060 and AZ 31B joint with titanium interlayer
on the aluminium side revealing (1) the surface of the titanium coating with only a few areas of
(2) intermetallic Al-Mg compounds.
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Figure 12. SEM image of a fracture surface of a AA 7020 and AZ 31B joint with titanium interlayer on
the aluminium side and (1) the surface of the titanium coating, (2) intermetallic Al-Mg compounds and
(3) a delamination of the coating from the aluminium surface.

 

Figure 13. SEM image of a fracture surface of a AA 6060 and AZ 31B joint with silver interlayer on
the aluminum side (1) presumably Al3Mg2 containing traces of silver and (2) presumably Al12Mg17

containing traces of silver.
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Figure 14. SEM image of a fracture surface of a AA 7020 and AZ 31B joint with silver interlayer on the
aluminium side (1) presumably Al3Mg2 containing traces of silver and zinc and (2) aluminium base
material with traces of magnesium.

4. Conclusions

In the present study, the effect of titanium and silver as interlayer materials on diffusion-bonded
AA 6060, AA 6082, AA 7020, AA 7075 and AZ 31 B dissimilar joints was examined. The following
conclusions can be derived:

Titanium and silver as interlayers, deposited by a PVD-process on the oxide-free aluminum
surface, made redundant a further surface treatment after exposure of specimens to air.

A solid and almost dense interlayer was formed by titanium on the surface. However, intermetallic
Al-Mg compounds were still formed during diffusion bonding. Nevertheless, the hardness
measurements across the interface showed a lower hardness level for the diffusion zone compared to
Al-Mg joints without interlayers. As a consequence, a joint strength of up to 48 N/mm2 was reached.

The 2 μm thick silver interlayer completely diffused into both base materials and formed a brittle
diffusion zone. Kirkendall voids were observed on the magnesium side and a joint strength of only
28 N/mm2 was achieved.

Fracture of the joints with titanium interlayer occurred at the interface of the intermetallic Al-Mg
compound and the titanium. As the silver diffused into the base materials, the joints failed at the
interface of Al3Mg2 and Al12Mg17.
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Abstract: This work shows a sequence of numerical models for the simulation of the Presta joining
process: a well-established industrial process for manufacturing assembled camshafts. The operation
is divided into two sub-steps: the rolling of the shaft to widen the cam seat and the joining of the
cam onto the shaft. When manufactured, the connection is tested randomly by loading it with
a static torque. Subsequently, there are three numerical models using the finite element method.
Additionally, a material model of finite strain viscoplasticity with nonlinear kinematic hardening
is used throughout the whole simulation process, which allows a realistic representation of the
material behavior even for large deformations. In addition, it enables a transfer of the deformation
history and of the internal stresses between different submodels. This work also shows the required
parameter identification and the associated material tests. After comparing the numerical results
with experimental studies of the manufacturing process for steel-steel connections, the models are
used to extend the joining process to the utilization of aluminum shafts.

Keywords: numerical modeling; finite element method; large deformations; plasticity; aluminum;
compression tests; torsion tests; shaft-hub connection; camshaft

1. Introduction

In materials science and continuum mechanics, research is done on the development of complex
constitutive models that are able to reproduce the elastic-viscoplastic material behavior of metals at
large deformations. Nonetheless, there still is a lack of usage of those models in industrial applications,
where detailed and complex simulation models are necessary, for example to analyze production
processes and the resulting behavior of the produced structures. Moreover, increasing requirements of
being lightweight and having durability have to be taken into account. Thus, numerically-efficient
implementations of material models with high prediction accuracy and applicability in multi-stage
forming processes are required. In this contribution, a phenomenological material model of finite
strain viscoplasticity with nonlinear kinematic hardening introduced by Shutov and Kreißig [1] is
applied to an industrial multi-stage manufacturing process: the Presta joining process (PJP).

PJP is the world’s leading process in the series production of assembled camshafts [2].
Compared to conventional cast or forged camshafts, the process allows up to 30% reduced weight.
This causes a significant inertia reduction of the rotating camshafts [2,3]. During the multi-step
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manufacturing process, a shaft-hub connection between a shaft and cams is created. In the first step,
a local widening of the shaft at the latter cam seat position is created by forming it with rollers with an
approximately sinusoidal cross-sectional profile. Due to the rotation of the shaft between three rollers,
a circumferentially-oriented profile is formed (Figure 1a). On the shaft, the peaks of the resulting
profile have an increasing diameter with respect to the original diameter. In the second sub-step,
a cam with an inner profile oriented parallel to the shaft axis is forced onto the widened cam seat
(Figure 1b). Thus, the inner profile of the cam and the circumferentially-oriented profile of the shaft are
oriented orthogonally to each other, which causes large local plastic deformations during the joining
process and creates a tight press and form fit. In a subsequent quality control step, randomly-selected
camshafts are tested within a static torsional test (Figure 1c). Thereby, the maximum transmittable
torque of the connection is evaluated.

(a) (b) (c)

Figure 1. Scheme of the PJP: (a) rolling of the shaft to create a local widening; (b) the joining process
that forces the cam onto the widened cam seat; (c) loading of the connection to evaluate the maximum
transmittable torque.

The PJP process is well known experimentally, but still has a large development potential. So far,
it has only been applied to camshafts consisting of steel-steel connections. Corresponding analyses
by the help of the finite element method (FEM) have already been conducted and showed good
agreement with the experimentally-obtained results of the different manufacturing steps (see [4–6]).
Therein, the application of the phenomenological material model of finite strain viscoplasticity enabled
the transfer of the deformation history at the change of simulation models. In this paper, the extension
of PJP to the application aluminum shafts is regarded, which provides further weight reduction and
in some cases an improved bearing of the camshaft. Thereby, the phenomenological material model
of finite strain viscoplasticity is applied to both the steel cam and the aluminum shaft. Experimental
tests and the parameter identification procedure to obtain material parameters of the aluminum
alloy are presented in this paper. Moreover, the FEM models of the three sub-steps, i.e., rolling,
joining and testing by a static torque, are described and applied to the aluminum-shaft/steel-cam
connection. Thereby, the producibility of this connection and the final resistance to a static torque
loading are analyzed.

2. Materials and Methods

2.1. Material Modeling

The phenomenological material model of finite strain viscoplasticity with nonlinear kinematic
hardening introduced by Shutov and Kreißig [1] has been extended to a formulation providing multiple
backstresses in Shutov et al. [7] (Figure 2). This material model is able to properly reproduce the
material behavior at large deformations [4,7,8].

The formulation used in the numerical models of the joining process contains an elastic region,
a von Mises yield criterion, rate-dependent yielding of the Perzyna type, two isotropic hardening
mechanisms of the Voce type and two backstresses of the Armstrong–Frederick type. Altogether, the
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model includes 13 material parameters. This work uses the strategy for parameter identification of
Shutov et al. [7]. The shear modulus G, the bulk modulus K and the yield stress σF are determined
by analyzing the elastic region of the experimentally-determined stress-strain curves or by using
standardized table values. Next, the parameters representing the strain rate dependency—the viscosity
η and the parameter m of the Perzyna rule—are identified by analyzing the different overstresses
that occur at different strain rates (cf. Figure 3b). The remaining eight parameters representing the
kinematic (ckin1, ckin2, κ1, κ2) and isotropic hardening (β1, β2, γ1, γ2) are identified by adapting the
material model to experimentally-obtained stress strain curves (cyclic torsion tests on thin hollow tubes;
see Section 2.2). The optimization procedure was realized by the help of the nonlinear least-squares
solver lsqnonlin provided by MATLAB.

Figure 2. Rheological model of the material model with two backstresses (endochronic Maxwell
elements), cf. [7,9].

(a) (b)

Figure 3. (a) Compression tests of aluminum AA6082 at three different strain rates (quasi-static
10−3 s−1, drop weight tower 3 × 102 s−1 and SHPB 1.6 × 103 s−1) for the identification of the strain
rate dependence; (b) detailed view of the three different stress levels used to calculate the related
viscous overstresses.

2.2. Experimental Methods

To experimentally study the mechanical behavior of the aluminum alloy AA6082 (obtained from
Bikar-Aluminium GmbH, Korbußen, Germany), cylindrical specimens with a height of 4 mm and a
diameter of 4 mm were used in the conventional peak aged condition. The material samples were
uniaxially deformed under quasi-static compressive loading conditions at room temperature (RT) with
an initial strain rate of 10−3 s−1 (Figure 3). Additionally, the mechanical behavior under dynamic
compression load was characterized. Here, a drop weight tower testing machine was used with a mass
of 600 kg. The impact velocity was 1.4 m

s , which results in an effective initial strain rate of 3 × 102 s−1

(Figure 3). For testing at even higher strain rates, a split-Hopkinson pressure bar (SHPB) setup was
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used. The SHPB system contains a gas launcher, the striker, incident and transmitter bars and a shock
absorber, which are mounted on a flat base. The samples are positioned between the incident and
transmitter bars. The gas launcher is charged with a pressurized gas to accelerate the striker bar with
an initial impact velocity of 7 m

s . This results in an initial strain rate of 1.6 × 103 s−1, which is the same
order of magnitude of strain rates like the rolling process (Figure 3). More detailed information on the
experimental setups can be taken from previous studies [10,11].

For both drop weight tower and SHPB tests, force data were determined from the strain gauge data
recorded on the elastic deforming on the plunger, as well as on the incident and transmitter bars. The
deformation of all compression tests was documented with a high-speed camera. To determine the surface
strain fields, an optical digital image correlation (DIC) system (Aramis by GOM) was used. The measured
displacements and loads were related to initial sample height and cross-section in order to determine
engineering strains and stresses, respectively. Then, true (logarithmic) strains and stresses were calculated
from the engineering data. For the statistics, three samples were tested for each strain rate.

Furthermore, torsion tests on thin-walled hollow tubes were conducted in a Schenk PTT250 K1
machine. The deformed part of the samples had an outer diameter of 19 mm and an inner diameter of
16 mm. The gauge length was 4 mm. The flow curves were characterized at three different angular
velocities: 0.235◦ s−1, 10◦ s−1 and 50◦ s−1. In addition, the strain hardening behavior of the materials
was analyzed by varying the deformation paths at an angular velocity of 0.235◦ s−1: (i) +10◦/ − 10◦;
(ii) +10◦/−8◦; (iii) +10◦/−5◦.

2.3. Rolling of the Shaft

The rolling of the shaft is performed by three rollers arranged in a rolling tool by an angle of 120◦

(Figure 4). This angle varies slightly over the rolling process by ±1◦.

Figure 4. The rolling tool with the two holders, the three rollers and the shaft in the middle; cf. [4].

This arrangement is used in the geometrical model of the rolling process by reducing the volume
to a section of 120 degrees and applying cyclically-symmetric boundary conditions. The variation
of the rollers’ arrangement has not been considered in the model to maintain cyclic symmetry.
Additionally, the cam seat is cut into halves in the axial direction. Hence, the geometry of the numerical
model includes just a sixth of the shaft geometry (Figure 5). The stiffness of the holders of the rolling
tool is represented in the numerical model by multi-linear springs; see Scherzer et al. [4]. Thus, the
radial displacement of the rollers is controlled by the stiffnesses of the holders and of the shaft.

The numerical model is calculated using the commercial FEM software ABAQUS 6.14 standard
(implicit). The phenomenological material model of finite strain viscoplasticity is implemented by
using ABAQUS’ user interface for the implementation of material subroutines (UMAT) and employing
an efficient implicit integration scheme introduced by Shutov [12]. For the calculation of ABAQUS
specific values, the so-called wrapper technology described in Besdo et al. [13] is applied. The model
uses linear eight-node brick elements C3D8 with full integration.

The model of the rolling process has been evaluated in Scherzer et al. [4] by comparing
experimental and calculated data of the reaction forces of the holders over the whole process with the
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traditional usage of steel shafts and steel cams. Additionally, the rolled profile has been measured and
compared to the computed shaft profile.

Figure 5. Geometry of the numerical model of the rolling process with axially- and cyclically-symmetric
boundary conditions; cf. [4].

2.4. The Joining Process

The inner profile oriented parallel to the shaft axis of the cam is forced onto the widened cam seat
in the joining process. This inner profile of the cam requires a fine tangential mesh in the regions of
shifting inner diameters. In contrast, the mesh of the shaft in the first simulation step is very coarse
compared to its cross-sectional mesh because the resulting shaft profile after the rolling process is almost
axisymmetric. Hence, for the second simulation step, a new mesh is required. Additionally, if the outer
profile is simplified to a circular contour, it can be reduced to a model including only one tooth of the
inner profile (Figure 6a).

(a) (b)

Figure 6. (a) Simplification of the cam’s outer profile to a circular contour; (b) geometry of the numerical
model of the joining process reduced to one tooth of the inner-profile; cf. [5].

Normally, the change of numerical models together with the change of geometry would cause
a loss of information on the internal stresses and the deformation history of the rolling process.
Thus, at the start of the joining step, the shaft would be free of stresses and the state variables of the
material model would be at the initial state of undeformed material. The variables store the deformation
history of the process and include the right Cauchy–Green tensors Ci and Cii representing intermediate
configurations (see Figure 2), the inelastic arc length s and its dissipative part sd. However, in
Shutov et al. [14], the invariance of the phenomenological material model of finite strain viscoplasticity
under an isochoric change of the reference configuration has been introduced. This invariance can
be shown by transforming the internal state variables of the material model by F0, which is the
deformation gradient from the old to the new reference configuration.

Further, this concept has been extended to non-isochoric changes of the reference configuration
and applied to the PJP in Scherzer et al. [6]. Hence, the internal state variables at the end of the rolling
simulation (i.e., with a certain loading state) are transformed to the undeformed reference configuration
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at the start of the joining simulation (described by a deformation gradient equal to the unit tensor).
As Equation (1) shows, the relative deformation gradient F0 required for the transformation equals the
deformation gradient of the rolling step F1.

new
C i =

(
F−T

1 · Ci · F−1
1

) new
s = s

new
C ii =

(
F−T

1 · Cii · F−1
1

) new
s d = sd

with: X = I3(X)−
1
3 X (1)

At the start of every ABAQUS simulation, the deformation gradient also is equal to the unit tensor.
Thus, in the first increment of the calculation, the model of the joining step with the new geometry,
mesh and a transformed set of internal variables recovers the internal stresses of the rolling process.

Just like the rolling model, the numerical model of the joining step has been evaluated and tested
by comparing its results to experimental data of the traditional Presta connection using steel shafts
and steel cams. The computed joining force curve is especially in a good agreement with the curves
measured during actual series production [5].

2.5. Loading of the Presta Connection

The last step of the simulation package of the PJP is a numerical model for applying a static load
in the model to compute the maximum transmittable torque of the connection. In contrast to the model
change between the rolling and the joining, the load step uses the same geometrical model and mesh
as the previous model. Hence, the numerical model uses the restart option of ABAQUS to continue the
calculation after the joining step. This approach automatically maintains the deformation history and
internal stresses of the previous steps. Thus, the geometrical entities remain the same as in the joining
model (Figure 7).

Figure 7. Geometry of the numerical model of the load step with cyclically-symmetric boundary
conditions for each of the single parts to enable relative displacement between them.

However, the boundary conditions have to be adapted. The axial position of the cam relative to
the shaft is fixed by the friction between the single parts. The tangential twist of the shaft is prevented
by a zero displacement boundary condition at its inner surface. The tangential load is applied to the
top of the cam and increases linearly until the simulation is aborted because of the cam’s displacement
(Figure 7).

The cyclic symmetry boundary condition of ABAQUS cannot be applied in this simulation model
because of the relative tangential movement between the two parts. ABAQUS allows just one cyclic
symmetry boundary condition per model, and this is only applicable to a single master surface
(set) and one related slave surface (set). This causes problems when tangential displacements occur.
Therefore, the displacements (described in cylindrical coordinates) of every single node at the slave
surface become coupled with the corresponding displacement of the master surface. This method has
been implemented in the Python script controlling the model.
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3. Results

3.1. Material Tests and Parameter Identification for the Aluminum Alloy AA6082

The single numerical models have been developed and verified with the traditional Presta
connection of steel cams and steel shafts. Next, the simulation sequence is utilized to achieve the
extension of the PJP to the usage of aluminum shafts. To describe the material behavior of AA6082,
both literature data and the data given in Section 2.2 are employed. In Section 2.1 it is shown
how the material parameters have to be determined. Shutov et al. [7] determined the following
numerical parameters: the shear modulus G, the bulk modulus K and the yield stress σF (Table 1).
Moreover, the viscosity η and the parameter m of the Perzyna rule were identified using the different
viscous overstresses obtained by the compression tests (Figure 3 and Table 1).

Table 1. Material parameters G, K and σF describing the elastic material behavior and the parameters η

and m describing the strain rate dependency of the aluminum alloy AA6082.

G (MPa) K (MPa) σF (MPa) η (s) m (–)

27, 300 76, 212.5 250 755.48 2.19

Finally, the remaining eight hardening parameters (ckin1, ckin2, κ1, κ2, β1, β2, γ1, γ2) were identified.
This was performed in an optimization using MATLAB with the experimental data of the torsion tests
(Table 2 and Figures 8 and 9).

Table 2. Material parameters ckin1, ckin2, κ1, κ2, β1, β2, γ1 and γ2 describing the plastic hardening of
the aluminum alloy AA6082.

ckin1 (MPa) ckin2 (MPa) κ1 (–) κ2 (–) β1 (–) β2 (–) γ1 (MPa) γ2 (MPa)

136.109 51, 439.136 0.0717 0.0521 −72.904 31.165 0.000304 2999.53

Figure 8. Results of the parameter identification of the hardening effects comparing the calculated
stresses (lines) with the stresses from experimental data (dots) of the torsion tests.
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Figure 9. The magnified view of Figure 8 shows the different overstresses at different strain rates.

3.2. Application of the Simulation Sequence on AA6082

Next, the simulation of the rolling process is executed by varying the rollers’ cross-sectional profile,
the preloading of the holders and the geometric dimensions of the shaft. Here, existing geometrical sets
of thyssenkrupp Presta have been used to obtain a fitting arrangement for the AA6082 alloy. For the
eventually chosen geometric constraints, the rolling simulation of the AA6082 alloy shows a very good
rolling profile. This can be assessed by comparing the resulting shaft profile with the given profile of
the roller. Here, the profile is shaped completely without causing plastic deformations at the inner
radius of the shaft.

Thus, an adequate local widening has been achieved, which is required for the joining process.
As Figure 10 shows, the mesh in the tangential and radial directions is coarse compared to the mesh
refinement in the axial direction in order to save computational cost. Fortunately, this partially
coarse mesh has a small impact on the convergence of the simulation results since the deformation is
approximately axisymmetric and comparably small in the direction of the long edges of the elements.

(a) (b)

Figure 10. (a) Plot of the radial displacement ur after widening the shaft made from AA6082 through
rolling; (b) plot of the inelastic arc length s, which can be interpreted as the degree of plastic deformation
or as the effective plastic strain.

The phenomenological material model of finite strain viscoplasticity includes the internal state
variable s (inelastic arc length) [7], which can be seen as the degree of plastic deformation or as
the effective plastic strain. This variable increases monotonically with plastic deformation and
independently of the loading path. Thus, it can be used to figure out the zone of plastic deformation
(Figure 10b).
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Since the internal state variables are transferred at the change of models, the plot of the inelastic
arc length s at the start of the joining process in Figure 11a is equivalent to the plot at the end of the
rolling step in Figure 10b, although there is a new geometric model and a new mesh. More details on
the transformation procedure can be found in Scherzer et al. [6].

(a) (b)

Figure 11. Comparison of the degree of plastic deformation before and after the joining step.
(a) The transferred inelastic arc length s at the start of the joining step with the new geometry and the
new mesh; (b) the inelastic arc length s at the end of the joining step with the deformed shaft profile
and a cut through the cam. Furthermore, this plot shows the deformed grooves of the cam seat.

After the cam with its inner profile is forced onto the shaft profile, the degree of deformation is
increased slightly compared to the initial value of the rolling step (Figure 11b). In the series production,
the quality of the connection is measured continuously by monitoring the limits of the joining force
(Figure 12a). Besides the form fit due to the plastic deformation in the joining process, there is an
additional press fit that results from the elastic compression of the shaft and the elastic decompression
of the cam (Figure 12b).

(a) (b)

Figure 12. (a) Calculated progression of the joining force over time for the joining of the cam onto the
aluminum shaft. The single grooves of the rolled profile cause small peaks in the force path. The force
grows over the joining process due to the increasing friction surface. (b) Radial displacement of the
joining step showing the compression of the shaft and the decompression of the cam.

Next, the connection is tested numerically by applying a linear increasing static torque in the
loading simulation (cf. Section 2.5). Thereby, the maximum transmittable torque of the connection
is determined by evaluating the progression of the cam’s tangential displacement over loading time
(Figure 13a).

The connection remains intact as long as the displacement increases linearly. In this state,
the contact zone between the cam and the shaft is almost zero (Figure 13b (top)). The connection fails
as soon as as a critical torque is achieved. There are a further increase of the torque causes plastic
deformations in the contact zone, an increasing relative displacement between the cam and the shaft
(Figure 13b (bottom)) and a nonlinear progression of the corresponding tangential displacement curve.
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The transition point between linear and nonlinear curve shape is employed to identify the critical
torque (Figure 13a). Hence, the maximum transmittable torque of the steel-aluminum connection is
approximately 115 Nm (Figure 13a).

(a) (b)

Figure 13. (a) Linearly-increasing torque with the related tangential displacement of the cam and the
determination of the maximum transmittable torque of the connection; (b) the tangential displacement
of the loading model at t0 = 0.128 s (top) and t1 = 0.129 s (bottom).

4. Discussion

This approach connects three numerical models to a sequence to enable simulations of the PJP.
Because of the large deformations that occur during the process, it is necessary to use an appropriate
material model. Here, a phenomenological material model of finite strain viscoplasticity has been
used. To enable a proper reproduction of the material behavior, it is necessary to perform material
tests and an identification of the material parameters. The quality of the resulting set of parameters
depends on the complexity of the material tests. For technical reasons, the chosen set of material tests
is a combination of torsion and compression tests. Hence, adding more experiments would improve
the quality of material parameters.

The rolling of the shaft produces an approximately axisymmetric profile. This means that there is
a small gradient of deformation in the tangential direction, and thus, a relatively coarse mesh has been
used tangentially. This coarse mesh allows the calculation of the model in an acceptable time span.

The joining process simulation is based on a simplification of the outer contour of the cam.
Further investigations with the simulation of the full geometry of the cam could show the influence of
this simplification on the joining force. Additionally, localization effects in the deformation of the cam
and the rolled profile of the shaft could be investigated.

The maximum transmittable torque obtained in the loading simulation results from a static test
of the connection. For the usage in combustion engines there are high demands on the fatigue
strength of the connection. The connection shown in this approach most likely does not meet
these requirements because it is based on an existing geometrical configuration used for steel-steel
connections. An adjustment of the geometrical design, with the aim of improving fatigue behavior, is a
key topic of future investigations.

5. Summary

This work combines the simulation models of the rolling of the shaft and of the joining step with a
simulation sequence for the joining process and adds a third simulation step for testing the connection
by loading it with a static torque. The included usage of the phenomenological material model of finite
strain viscoplasticity makes it necessary to perform precise material tests. The underlying experimental
methods and the identification of the material parameters have been described.

Finally, the simulation package has been used to test numerically if the usage of aluminum shafts
is theoretically possible. Indeed, the numerical results demonstrate the technical feasibility of such an
extension of the PJP under the aspect of static loads.
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However, considering the application of aluminum shafts in combustion engines, the shafts also
have to meet the requirements of fatigue strength. Therefore, several changes in the dimensioning of
the shaft, the cam and their attachments have to be made. Moreover, the shaft design shown in this
work will be manufactured and tested in the near future. If the experimental tests of this connection
verify the computed results, the required design changes can be investigated and implemented.

6. Conclusions

Industrial research often uses built-in material models of commercial FEM software.
Possible reasons for this are the required implementations of the models and the expensive
material tests to obtain the material parameters. This work proves the concept of the use of a
phenomenological material model of finite strain viscoplasticity in an industrial manufacturing process.
Additionally, the transfer of the deformation history from the rolling simulation to the joining step has
proven the concept of the change of the reference configuration to perform in multi-step analyses.

Altogether, this work has shown the feasibility of the application of aluminum in the PJP by
numerical simulations. The next steps of investigation include the validation of numerical results
by manufacturing sample camshafts with aluminum shafts, as well as the change of the geometrical
design of the shaft and of the cam to meet the requirements of fatigue strength. The simulation
sequence shown in this approach may well be an essential help in the process of this development.
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Abstract: In this work the high cycle fatigue behavior of a particulate reinforced 2124 aluminum
alloy, manufactured by powder metallurgy, is investigated. SiC particles with a size of 3 μm and
300 nm and a volume fraction of 5 and 25 vol %, respectively, were used as reinforcement component.
The present study is focused on the fatigue strength and the influence of particle size and temperature.
Systematic work is done by comparing the unreinforced alloy and the reinforced conditions. All of
the material conditions are characterized by electron microscopy and tensile and fatigue testing
at room temperature and at 180 ◦C. With an increase in temperature the tensile and the fatigue
strength decrease, regardless of particle size and volume fraction due to the lower matrix strength.
The combination of 25 vol % SiC particle fraction with 3 μm size proved to be most suitable to achieve
a major fatigue performance at room temperature and at 180 ◦C. The fatigue strength is increased
by 40% when compared to the unreinforced alloy, as it is assumed the interparticle spacing for this
condition reaches a critical value then.

Keywords: metal matrix composite; high cycle fatigue; high temperature properties; particulate
reinforcement; aluminum alloy

1. Introduction

The performance requirements of materials for advanced engineering applications in the
aerospace and automotive industry call for lightweight structural composite materials. Aluminum
matrix composites (AMCs) are designed to meet these requirements such as a high specific strength
and stiffness [1–3], an excellent fatigue performance [4–7], and an enhanced thermal stability [8–10].

The mechanical properties and the fatigue performance of the AMCs are strongly determined
by different factors. Composites processed by powder metallurgy, as used in this study, exhibit a
homogeneous particle distribution, and therefore superior mechanical properties and an outstanding
fatigue performance when compared to other manufacturing processes [11]. Tensile strength and
fatigue resistance of the composites are also strongly influenced by the aging condition and the matrix
microstructure [12,13]. Particle shape [14,15], particle size, and volume fraction [16–20] are critical
factors for the mechanical properties and fatigue behavior of the AMCs. Due to an enhanced load
transfer from the softer matrix to the stiffer particles, an increase in particle volume fraction and a
decrease in particle size lead to a significant increase in fatigue strength [4–7,21]. Further, particle
size and interparticle spacing are determining factors for the fracture behavior [22,23]. At room
temperatures, decohesion of the particles from the matrix is unlikely to occur, due to the high interface
strength. Therefore, the probability of particle failure increases [21,24]. Larger particles provide a
minor resistance against particle failure [4,15,25] and fatigue cracks initiate preferably at them due
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to the higher local stress concentration [12,17,26]. In contrast, for composites with smaller particles,
the stress distribution is more homogeneous due to minor local stress concentrations and smaller
interparticle spacing [27]. With increasing temperature, interface decohesion is generally more likely
to occur, but larger particles are still prone to fracture [28–30].

As a result, to enhance the fatigue limit and minimize critical factors for crack initiation, the usage
of small particles is required. Nonetheless, there is only limited data in literature on particle sizes
smaller than 5 μm. Therefore, the purpose of the present study is to examine the influence of particles
with 3 μm and 300 nm size with two different particle volume fractions. The fatigue tests were carried
out at room temperature and 180 ◦C and the effects of temperature and particle size on the fatigue
strength are discussed.

2. Materials and Methods

2.1. Material

In this study a 2124 aluminum alloy reinforced with two different particle volumes and particle
sizes, respectively, was investigated. The material conditions were processed by high energy ball
milling, hot isostatic pressing and forging by Materion Aerospace Composites AMC (Farnborough,
UK) and were provided as plates with the dimensions given in Figure 1. The chemical composition
of the matrix material is given in Table 1. SiC particles with 3 μm and 300 nm size were used as
reinforcement. In this study, five material conditions were investigated: Unreinforced, reinforced
with 5 vol % and 25 vol % 3 μm SiC particles and reinforced with 5 vol % and 25 vol % 300 nm SiC
particles. All of the tested conditions were solid-solution treated at 505 ◦C for 60 min, and subsequently
cold-aged at room temperature (RT) for 100 h.

Table 1. Chemical composition of the 2124 aluminum powder alloy.

Element Al Cu Mg Mn Si Fe Cr Ti Zn Others

wt % 91.25 4.9 1.8 0.9 0.2 0.3 0.1 0.15 0.25 0.15

2.2. Methods of Mechanical Testing and Electron Microscopy

Quasi-static tensile tests were performed in a Zwick-Roell servohydraulic testing machine
(Zwick, Ulm, Germany) at a strain rate of 10−3·s−1 at room temperature and at 180 ◦C. For tensile
testing cylindrical specimens were used with a cross section of 3.5 mm and a gauge length of 10.5 mm
(sample orientation is given in Figure 1). For each condition, three samples were tested.

High cycle fatigue tests were performed on a RUMUL Testronic resonant testing machine
(Russenberger Prüfmaschinen AG, Neuhausen am Rheinfall, Switzerland) under tension-tension
loading with a load ratio of R = 0.1. The fatigue tests were carried out until the endurance limit
of ND = 107 cycles (approx. 27 h testing time) was reached or until a crack occurred, which was
detected by a drop in the resonant frequency of 2 Hz or more. Axial fatigue specimens with 4.0 mm
minimum diameter were used for fatigue testing (sample orientation and specimen geometry are given
in Figure 1). For testing at 180 ◦C, the tensile and fatigue specimens were preheated for 30 min at this
temperature. This led to a further aging of the formerly underaged matrix.

From all of the conditions, samples for microstructural analysis were extracted from the forged
material, as shown in Figure 1. These samples were analyzed by quadrant back scatter diffraction
(QBSD) at 20 kV using a Zeiss Neon 40 field emission microscope (Carl Zeiss MicroImaging GmbH,
Jena, Germany).
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Figure 1. Schematic figure of the dimensions of the forged plate, the sample orientation of the axial
specimens for tensile and fatigue testing and the investigated planes for the microstructural analysis
(a) and the specimen geometry for fatigue testing (b).

3. Results and Discussion

3.1. Microstructure

All of the tested material conditions exhibit a homogeneous microstructure with numerous coarse
Al2Cu precipitates. The reinforced conditions show areas without reinforcement components with a
width of 30–150 μm and a height of about 10–20 μm (see Figure 2). The particle distribution is rather
homogeneous for all reinforced conditions. The SiC particles are irregularly shaped and exhibit an
intact interface to the aluminum matrix (see Figure 3).

 

Figure 2. Quadrant back scatter diffraction (QBSD) micrographs of the 2124 aluminum alloy reinforced
with (a,b) 5 vol % and (c,d) 25 vol % SiC particles with a size of (a,c) 3 μm and (b,d) 300 nm.
The reinforced conditions exhibit areas without reinforcement component (matrix is light grey, particles
are dark grey, Al2Cu precipitates are white).
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Figure 3. QBSD micrographs of the 2124 aluminum alloy reinforced with (a,b) 5 vol % and (c,d) 25 vol %
SiC particles with a size of (a,c) 3 μm and (b,d) 300 nm. The SiC particles are irregularly shaped and
finely dispersed: Matrix and particles exhibit an intact interface.

3.2. Tensile Testing

In Figure 4 and Table 2 the tensile properties for all of the tested material conditions (in underaged
heat treatment condition) and temperatures are given. At room temperature, the unreinforced alloy
exhibits the lowest yield strength with 341 MPa, as well as the highest uniform elongation with 17%,
and therefore the highest ductility for the tested material conditions (see Figure 4a). The presence
of a 5% volume fraction of reinforcement decreases the uniform elongation by approximately a third.
For 25 vol % SiC particles, the uniform elongation is drastically reduced to only 1%. For 5 vol % particle
fraction, a reduction in particle size from 3 μm to 300 nm increases the yield strength by 5% to 378 MPa.
The strengthening effect caused by particle size reduction is more pronounced for 25 vol % particle
fraction, as the yield strength for the material with 300 nm particles is increased by 38% to 633 MPa,
which is the highest yield strength of all tested material conditions. This is an increase by 85% compared
to the unreinforced alloy. Clearly, for the reinforced material the determining factor for the elongation is
the reinforcement volume fraction, whereas both particle size and volume fraction determine the strength.

The increase in strength due to the particulate reinforcement is caused mainly by the load transfer
from the matrix to the stiffer reinforcement component [7,23]. Further, dispersion strengthening occurs,
which leads to two main mechanisms. Dislocation generation and the high dislocation density due to
the difference in the thermal expansion coefficient of the matrix and the SiC particle [31], as well as the
impediment of the dislocation movement due to the high dislocation density and the reinforcement
component [4,12] act as strengthening mechanisms. An increase in particle volume fraction and a
decrease in particle size lead to an enhancement of this effect, and therefore to a further increase in
strength and a decrease in ductility [1,32]. The minor ductility of the reinforced material and the
further decrease with an increase in particle volume fraction is caused by the major residual stresses
induced by the reinforcement component [27].

At 180 ◦C all of the material conditions exhibit a decrease in strength and an increase in ductility
when compared to the room temperature properties (see Figure 4b). The unreinforced alloy exhibits
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the lowest yield strength with 282 MPa and the highest uniform elongation with approximately 18%.
At 180 ◦C the influence of particle size on the yield strength decreases. The reinforced material with
5 vol % particle fraction exhibit only an 18% higher yield strength if compared to the unreinforced
alloy. Reinforcement with 25 vol % leads to the highest yield strength of about 420 MPa, which is
twice as high as for the unreinforced alloy. At 180 ◦C, smaller particle sizes result in a higher ductility.
The elongation to failure is at least one third higher in the material with smaller reinforcements, than in
the material with 3 mm particles. Clearly, the uniform elongation for 5 vol % particle fraction and both
particle sizes is nearly the same as at room temperature.

(a) (b)

Figure 4. Tensile behavior of the unreinforced and reinforced 2124 aluminum alloy (a) at room
temperature and (b) at 180 ◦C. Figure shows one representative curve for each condition.

Table 2. Mechanical properties determined by tensile testing of the unreinforced and reinforced 2124
aluminum alloy. The deviation is given in absolute values.

Condition of the 2124
Aluminum Alloy

Temperature
Yield Strength

in MPa
Ultimate Tensile
Strength in MPa

Uniform
Elongation in %

Elongation to
Failure in %

unreinforced RT 341 ± 35 471 ± 8 16.7 ± 1.0 24.8 ± 1.1

5 vol % SiC (3 μm) RT 358 ± 8 508 ± 9 14.0 ± 1.0 15.6 ± 0.8
25 vol % SiC (3 μm) RT 460 ± 6 573 ± 62 1.5 ± 1.2 1.5 ± 1.2
5 vol % SiC (300 nm) RT 378 ± 1 552 ± 1 13.3 ± 1 14.5 ± 1.0
25 vol % SiC (300 nm) RT 633 ± 10 727 ± 33 1.0 ± 0.4 1.0 ± 0.4

unreinforced 180 ◦C 282 ± 15 380 ± 17 17.4 ± 1.6 28.1 ± 3.1

5 vol % SiC (3 μm) 180 ◦C 332 ± 4 413 ± 4 11.9 ± 0.5 13.5 ± 1.0
25 vol % SiC (3 μm) 180 ◦C 426 ± 6 529 ± 11 4.7 ± 0.4 6.0 ± 1.6
5 vol % SiC (300 nm) 180 ◦C 337 ± 5 423 ± 5 12.5 ± 0.3 18.8 ± 1.6
25 vol % SiC (300 nm) 180 ◦C 419 ± 4 458 ± 5 2.0 ± 0.3 13.1 ± 1.2

With an increasing temperature, the matrix properties become of more influence for the tensile
properties and the strength decreases, regardless of the particle volume fraction and the particle
size [33]. The influence of particle size on the strength decreases due to the softening of the
overaged matrix and the increase in relaxation of residual stresses and local stress concentration [30].
The probability for particle fracture decreases and matrix failure near the interface or interfacial
decohesion becomes more prominent [29,34]. The ductility for reinforced material with smaller
particles is increased due to their smaller interparticle spacing, and therefore a more homogeneous
distribution of the plastic strain in the matrix [27,30].

3.3. High Cycle Fatigue Behavior

The high cycle fatigue behavior of the tested material conditions and its dependence on
temperature is shown in Figure 5 and the fatigue strength for ND = 107 cycles is listed in Table 3.
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At room temperature, the unreinforced alloy exhibits a fatigue strength of 280 MPa (see Figure 5a).
The fatigue strength of both 5 vol % reinforced conditions is smaller than for the unreinforced alloy.
The condition with 3 μm particle size exhibits the lowest fatigue strength with 250 MPa. Reinforcement
with 25 vol % 3 μm SiC particles increases the fatigue strength by 40% if compared to the unreinforced
alloy. Reducing the particle size to 300 nm leads to an additional increase by 6%, and therefore to the
highest fatigue strength of all conditions with 410 MPa.

(a) (b)

Figure 5. High cycle fatigue behavior of the unreinforced and reinforced 2124 aluminum alloy at
R = 0.1 and (a) at room temperature and (b) at 180 ◦C.

Table 3. Fatigue limit at ND = 107 cycles of the unreinforced and reinforced 2124 aluminum alloy at RT
and load ratio R = 0.1.

Condition of the 2124
Aluminum Alloy

Temperature
Maximum Stress

σmax in MPa
Reduction in

Fatigue Limit in % 1
Increase in Fatigue

Limit in % 2

Unreinforced RT 280 - -

5 vol % SiC (3 μm) RT 250 10.7 -
25 vol % SiC (3 μm) RT 390 - 39.3
5 vol % SiC (300 nm) RT 270 3.6 -
25 vol % SiC (300 nm) RT 410 - 46.4

Unreinforced 180 ◦C 230 17.9 -

25 vol % SiC (3 μm) 180 ◦C 320 - 39.1
25 vol % SiC (300 nm) 180 ◦C 280 - 21.7

1 referring to the unreinforced alloy at room temperature. 2 referring to the unreinforced alloy at the
respective temperature.

A high yield and tensile strength of the particle reinforced material do not necessarily result in a
high fatigue strength [6]. A deteriorated fatigue performance of the composites in comparison to the
unreinforced alloy can be explained by a high defect density, particle clustering, or a high porosity of the
material [7,35]. As these effects were not noticeable for the investigated conditions, the minor fatigue
strength of the reinforced conditions with 5 vol % particle fraction is attributed to the local stress raisers
induced by the reinforcement component. This diminishes the beneficial strengthening effect of the
reinforcement. The minimal fatigue strength of the reinforced condition with 5 vol % and 3 μm particles
can be explained by the further increase of the local stress intensity at the particle-matrix-interface with
an increase in particle size [26]. Also, the particle shape essentially affects the stress concentration [14].
Sharp edges of the irregularly shaped particles and slight imperfections of the particle surface cause a
significant increase in the internal stresses. Therefore, an early formation of initial cracks can further be
a reason for the minor fatigue strength of the reinforced conditions with 5 vol % particle fraction [21].
The increase in fatigue strength with an increase in particle volume content and a decrease in particle
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size is a well known effect [4–7,21]. An increase in volume fraction enables a higher load transfer from
the matrix to the stiffer reinforcement component [6,7]. An additional decrease in particle size leads to
a decrease in the interparticle spacing, which prevents the formation of reversible slip bands when a
critical value is reached [5].

In Figure 5b, the high cycle fatigue behavior at 180 ◦C is shown. The reinforced conditions with
5 vol % SiC particles were not tested at this temperature due to their minor fatigue performance at
room temperature. Due to the long testing time, overaging processes occur as observed for the tensile
tests. It is assumed, that all of the tested material conditions are equally overaged after preheating for
30 min. An increase in temperature leads for the unreinforced alloy and the reinforced material to a
decrease in fatigue strength. The fatigue strength of the unreinforced alloy is 230 MPa, and therefore
18% lower than at room temperature. In contrast to fatigue at room temperature, the condition with
25 vol % and 3 μm particle size exhibits the highest fatigue strength with 320 MPa, which is an increase
by 40% if compared to the unreinforced alloy at 180 ◦C. Reinforcement with 300 nm particles leads to a
much smaller increase in fatigue strength by 22%.

At higher temperatures the stress concentrations and the influence of processing defects decreases
and the matrix becomes the determining factor for the fatigue strength [7,33]. The lower matrix
strength, due to the overaging during testing, causes a general reduction in fatigue strength for all
of the tested conditions at 180 ◦C [12]. Fatigue crack initiation in the matrix is the primary failure
mechanism [7,20,23,36]. With increasing temperature, decohesion between the particle and the matrix
is enhanced and cracks are easily initiated [28,37]. Additionally, cracks are also generated by cyclic slip
deformation for reinforced conditions with a particle size smaller 20 μm [33,36]. The crack initially
propagates along a slip band and ahead of the crack tip microcracking and void formation in the
matrix occur [37]. These microcracks join the main crack by matrix microvoid coalescence [23,37].
In addition, the plastic zone ahead of the fatigue crack front is larger than the average interparticle
spacing and determines the fracture mechanisms [37]. The findings of [33], which state a declining
influence of the particle volume fraction and of the particle size on the fatigue strength with increasing
temperature, could not be fully confirmed by our work. Reinforcement with 300 nm particles led to a
minor increase in fatigue strength in comparison to room temperature. This effect can be explained by
the relieved dislocation cross slip motion with an increased temperature due to the small interparticle
spacing. Additionally, the small interparticle spacing and the high particle volume fraction lead to
a major amount of particles incorporated in the plastic zone ahead of the crack tip, and therefore
to major void formation. In contrast, the interparticle spacing between the 3 μm particles is large
enough to impede the dislocation movement and still small enough to limit the void growth [23]. It is
suggested that 3 μm is an optimal value for the particle size at the given particle fraction of 25 vol %
to maximize the matrix and fatigue strength. This explains the 40% higher fatigue strength of this
condition if compared to the unreinforced alloy at room temperature and 180 ◦C. For the commonly
used minimal particle size of 5 μm, the interparticle spacing is already large enough to enable void
growth and dislocation slip motion between the particles. Therefore, the strengthening effect due to
particle reinforcement is smaller at higher temperatures.

4. Conclusions

The influence of temperature and particle size on the high cycle fatigue behavior of the particulate
reinforced 2124 aluminum alloy is investigated. SiC particles with 3 μm and 300 nm size and a volume
fraction of 5 and 25 vol %, respectively, were used as reinforcement component. The tensile properties
and the fatigue behavior of the unreinforced alloy and the four reinforced conditions were compared
at room temperature and at 180 ◦C. Conclusions can be drawn as follows:

1. Generally, the tensile and the fatigue strength of the unreinforced and the reinforced material
decrease with an increase in temperature. This is attributed to the increasing influence of the
lower matrix strength, regardless of the particle volume fraction and the particle size.
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2. Particulate reinforcement leads to an increase in tensile strength and a loss in ductility. A high
particle volume fraction enhances this effect. At room temperature, a decrease in particle size
leads to a further increase in tensile strength, whereas at 180 ◦C, the tensile strength is not affected
by a decreased particle size, nevertheless, the ductility increases.

3. The room temperature fatigue strength of the reinforced conditions with 5 vol % SiC in 3 μm
and 300 nm size was minor in comparison to the unreinforced alloy. Supposedly the local
stress concentrations induced by the reinforcement component lead to an early formation of
initial cracks.

4. The beneficial effect of an increased particle volume fraction and a decreased particle size on
the fatigue strength could be confirmed for room temperature. The condition with 25 vol %
particle fraction and 300 nm size exhibited the highest fatigue strength. Whereas, at 180 ◦C,
reinforcement with 25 vol % SiC particles leads also to a significant increase in fatigue strength
when compared to the unreinforced alloy, but the percentage increase was minor for the 300 nm
particles if compared to the 3 μm particles.

5. The combination of 25 vol % SiC particle fraction with 3 μm size proved to be most suitable for a
major fatigue performance at room temperature and at 180 ◦C. It is assumed, that the interparticle
spacing for this combination of particle size and fraction is large enough to impede dislocation
movement and still small enough to limit void formation. Therefore, the fatigue strength was
improved by 40% in comparison to the unreinforced alloy at both testing temperatures.
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Abstract: The Portevin–Le Châtelier (PLC) effect often results in serrated plastic flow during tensile
testing of aluminum alloys. Its magnitude and characteristics are often sensitive to a material’s
heat treatment condition and to the applied strain rate and deformation temperature. In this
study, we analyze the plastic deformation behavior of an age-hardenable Al-Cu alloy (AA2017)
and of a particle reinforced AA2017 alloy (10 vol. % SiC) in two different conditions: solid solution
annealed (W) and naturally aged (T4). For the W-condition of both materials, pronounced serrated
flow is observed, while both T4-conditions do not show distinct serrations. It is also found that
a reduction of the testing temperature (−60 ◦C, −196 ◦C) shifts the onset of serrations to larger
plastic strains and additionally reduces their amplitude. Furthermore, compressive jump tests
(with alternating strain rates) at room temperature confirm a negative strain rate sensitivity for the
W-condition. The occurring PLC effect, as well as the propagation of the corresponding PLC bands in
the W-condition, is finally characterized by digital image correlation (DIC) and by acoustic emission
measurements during tensile testing. The formation of PLC bands in the reinforced material is
accompanied by distinct stress drops as well as by perceptible acoustic emission, and the experimental
results clearly show that only type A PLC bands occur during testing at room temperature (RT).

Keywords: serrated flow; PLC effect; dynamic strain aging; particle reinforcement; acoustic emission;
jump tests; aluminum alloy

1. Introduction

Plastic instabilities, which occur in many age-hardenable aluminum alloys [1–13] within a certain
regime of strain rates and testing temperatures, are often associated with the observation of repeated
stress serrations in the stress–strain curves of tensile or compression tests. The so-called “jerky” or
“serrated” flow is one of the most distinctive examples of plastic instability in dilute alloys. It is
commonly rationalized by the dynamic interactions between solute atoms and mobile dislocations,
i.e., dynamic strain aging processes [1,3–6,9,11,12,14–23]. Early observations of this phenomenon
trace back to Le Châtelier who observed stress serration in the plastic flow of mild steel at elevated
temperatures [24]. First studies of serrated flow in aluminum alloys were performed by Portevin and
Le Châtelier [25] at ambient temperature but under different strain rates. Today, an occurrence of
stress serrations in the plastic flow behavior as a result of dynamic strain aging processes is, therefore,
usually referred to as the Portevin–Le Châtelier effect (PLC effect).

The PLC effect often leads to the nucleation and propagation of localized deformation bands
on a macroscopic scale. Localization occurs if the local strain rate of the material exceeds the
macroscopically applied strain rates during deformation [26]. A material’s susceptibility for localization
is closely related to its strain rate sensitivity m: Negative strain rate sensitivities of the flow stress,
as well as a cooperative dislocation motion, are necessary requirements for the existence of a PLC
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effect [27–30]. Negative strain rate sensitivities of the material typically are the result of dynamic
interactions between gliding dislocations and mobile solute atoms. Their interaction leads to repeating
pinning and unpinning processes [14,15,31]. Therefore, local variations of mobile dislocation density
increase the (negative) strain rate sensitivity. However, many other parameters can also influence the
magnitude of an actual PLC effect: the chemical composition, the amount and type of solute atoms,
texture, grain size, strain hardening rate, heat treatment condition, and especially strain rate as well
as temperature [3,16,18,21,32]. Serrated plastic flow may also influence formability: PLC effects in
sheet metal forming lead, e.g., to an optical degradation (strain marks). In extrusion, PLC effects lead
to a reduced formability, but with thermal suppression of those deformation bands, those negative
aspects of localized plastic flow can be reduced [10,32].

In this paper, we study the influence of different heat treatments, deformation temperatures and
applied strain rates on the magnitude of a potential PLC effect in a high-strength, age-hardenable Al-Cu
alloy (AA2017), and in a particle reinforced AA2017 alloy (10 vol. % SiC) in two different conditions.
Studies on the general mechanical properties, the deformation behavior and the accompanying
microstructural aspects have been the focus of recent research efforts [10,33,34]. The influence of
a finely dispersed and homogeneously distributed particle reinforcement on the occurrence and
magnitude of PLC effects, however, has not been studied in detail so far. The present study documents
in detail that a PLC effect only occurs in solution annealed conditions, and that a reduced testing
temperature leads to a suppression of PLC band formation.

2. Materials and Methods

The mechanical behavior of two different age-hardenable alloys was studied in this work.
The chemical compositions (wt. %) of the examined AA2017 alloy as well as of the particle reinforced
AA2017 alloy (with 10 vol. % SiC; particle size less than 2 μm) are given in Table 1. Both materials
were obtained as commercial, gas-atomized, spherical powders with a particle size below 100 μm [35].
The powders were milled for about 4 h in a high energy ball mill (Simoloyer1 CM08 by Zoz GmbH,
Wenden, Germany), followed by hot isostatic pressing (HIP) at 450 ◦C for 3 h and at a pressure of
1100 bar [35]. Semi-finished products were then generated by extrusion of the mixed powders to
billets with a square cross-section of 15 × 15 mm2. Further details on the fabrication procedures
and particularly on the morphology and on the homogeneous spatial distribution of the reinforcing
particles are given in [35]. For characterization of the thermo-mechanical behavior and of the strain
rate sensitivity, cylindrical tensile samples (with a gauge length of 10.5 mm and a diameter of 3.5 mm)
and cylindrical compression specimens (with an aspect ratio of one, diameter 5 mm) were machined
from the billets parallel to the extrusion direction.

Table 1. Chemical composition of the age-hardenable Al-Cu alloy AA2017 and of the particle reinforced
AA2017 composite material (with 10 vol. % SiC). The base compositions of both materials (i.e., of the
alloy vs. the matrix-forming alloy of the composite) are very similar, allowing for a direct comparison
of the mechanical behavior.

Element Cu Mg Mn Fe Si Cr Ni Ti Zn Al

AA2017 Content in wt. % 3.83 0.71 0.64 0.17 0.065 0.017 0.0049 0.0025 <0.00100
bal.

AA2017 (10 vol. % SiC)
Content in wt. % 3.81 0.68 0.49 0.27 8.26 0.010 0.016 0.016 0.11

As observed in previous studies [6,16,32,36], different heat treatment conditions can strongly
affect the occurrence and magnitude of PLC effects. In order to provide a well-defined heat treatment
condition, the materials were heat treated to generate two conditions: solid solution annealed (W)
and naturally aged (T4). For the W-condition, the material was solid solution annealed for 120 min at
505 ◦C and quenched in ice water. To suppress further natural aging processes prior to mechanical
testing, all specimens were stored in liquid nitrogen (at −196 ◦C) after the heat treatment. The naturally
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aged condition (T4) was solution annealed with the same parameters and subsequently naturally aged
at room temperature (RT) for two weeks [35].

To characterize the deformation behavior of both materials, we performed strain-controlled
uniaxial tensile tests (Zwick/Roell 20 kN tensile testing machine, Ulm, Germany) for both conditions
W and T4. For all tensile tests, the temperature was RT and the strain rate was 10−3 s−1. Besides the
heat treatment condition, the applied strain rate governs a potential PLC effect. Particularly a negative
strain rate sensitivity increases the potential of the occurrence of PLC effects [1,2,4,5,15,32,37,38].
In order to characterize the susceptibility of both materials to strain localization, we therefore also
performed strain-controlled uniaxial compression tests (Zwick/Roell 20 kN tensile testing machine,
Ulm, Germany) at RT with a sudden change of strain rate (jump tests). During those jump tests,
the strain rate was repeatedly changed by one order of magnitude. The applied strain rates were
in a range from 10−5 s−1 to 10−2 s−1 for the both investigated material conditions. The strain rate
sensitivity value m was then determined from the true stress-strain curves by evaluating stress
increments at the points of strain rate changes:

m =
Δ ln σ

Δ ln
.
ε
=

lnσ2 − lnσ1

ln
.
ε2 − ln

.
ε1

. (1)

In Equation (1),
.
ε1 is representing the strain rate immediately prior to, and

.
ε2 the strain rate

immediately after, the change of strain rate. The values for σ1 and σ2 are the corresponding true
stresses approximated by the application of tangents to the regions of constant strain rate.

Since testing temperature has a considerable influence on the magnitude of serrated flow [32],
the uniaxial tensile tests were performed at different temperatures (RT, −60 ◦C, and −196 ◦C) at
a constant strain rate of 10−3 s−1. A special double–ring cooling device placed around the tensile
specimen was used to adjust testing temperatures below RT, Figure 1. For testing temperatures
of −60 ◦C, the inner ring of the device was filled with n-pentane (C5H12) until the specimen was
completely immersed, Figure 1b. Cooling was performed by adding liquid nitrogen into the outer ring
of the device. For the testing temperature of −196 ◦C, both chambers of the cooling device were filled
with liquid nitrogen. Using a thermocouple (type K), the testing temperatures were controlled in situ.
The thermocouple was located directly on the surface of the specimens. Strain values during these
tests were determined from the crosshead displacement data of the tensile testing machine.

Figure 1. Experimental setup applied for tensile tests at different temperatures below room temperature
(RT) as (a) photograph, and (b) as schematic drawing. The setup consists of a special double–ring
cooling device surrounding the tensile specimen. The testing temperature is measured with
a thermocouple placed on the sample surface.
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Localized deformation can be documented by diffraction methods, 2D or 3D local strain mapping
as well as by infrared thermal imaging methods [39–44]. In the present study, the local deformation
behavior of the investigated material conditions was characterized in greater detail by additional
tensile tests in combination with digital image correlation (DIC). DIC allows the documentation and
analysis of the nucleation as well as the propagation of macroscopic deformation bands resulting from
PLC effects by recording surface displacement fields and the corresponding strain maps. A fine speckle
pattern for image analysis was produced on the sample surfaces using a graphite spray (a close-up
view of the sample surface is shown in the video provided as supplementary material Video S1:
Video S1: PLC effect reinforced AA2017 using DIC and AE). Finally, a highly sensitive unidirectional
stereo microphone (XYH-6 X/Y Capsule by Zoom™, Hauppauge, NY, USA, 24 bit, up to 96 kHz) was
used in the same setup (Figure 2) to measure acoustic emission signals (as integral acoustic intensity)
based on earlier reports on acoustic emission related to PLC effects [2,3,15,18,45–47].

 

Figure 2. Experimental setup for digital image correlation (DIC) observations used during tensile
testing. In addition to the optical measurement components, a highly sensitive unidirectional stereo
microphone was used to measure the acoustic emission associated with The Portevin–Le Châtelier
(PLC) effects.

3. Results and Discussion

Figure 3 shows tensile (engineering) stress-strain curves of both materials in the W- and
T4-conditions. The data show that, as expected, both particle reinforcements and aging increase
the strength of the material. In contrast to the T4-condition, the W-condition exhibits the typical
serrated flow (PLC effect) for both materials. PLC effects are strongly influenced by the concentration
of solute atoms (chemical composition and aging condition). Aging of aluminum alloys leads to
precipitation, which considerably reduces the number of solute atoms. As a consequence, the formation
of PLC bands is suppressed or delayed towards higher strains for the naturally aged condition
T4 in Figure 3. This result is in good agreement with the results found in [3,6,16,32,48]. Another
important finding is the different onset strain of the serrated flow for both materials: The plastic
strain associated with the formation of the first PLC band is 6.5% for the AA2017 base material,
but only 1.9% for the reinforced material. The onset of the PLC effect in the stress-strain curve is
typically attributed to a necessary density of defects (basically dislocations and vacancies) that is
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required for dynamic strain aging [3,6,7,49–53]. Hence, an initial concentration of defects introduced
by either quenching or by early plastic deformation is required to increase diffusion rates of the solute
atoms and thus to trigger dislocation pinning. As discussed in [14,48], an earlier occurrence of stress
serrations in the particle reinforced material (Figure 3) is in good agreement with this interpretation:
The particle/matrix interfaces and the stress fields surrounding the particles locally lead to a rapid
increase of the dislocation density [33] during plastic deformation. This increased number of defects
allows for faster pipe diffusion processes [54–57] and—for the material studied here—accelerates
dynamic strain aging at lower strain values. The extent of this effect likely depends on the volume
fraction and the spatial arrangement of the dispersed particles [14,48].

Figure 3. Stress-strain curves of (a) the AA2017 base material in the solution annealed condition W
and in the naturally aged condition T4, and (b) of the particle reinforced AA2017 material in solution
annealed condition W and in naturally aged condition T4. Only the W-conditions exhibit serrated flow.
In the inset with a higher magnification, type A PLC serrations can be observed.

It is clear from Figure 3 that the characteristics of the serrations (i.e., the “shapes” of peaks and
drops in the stress-strain curves) caused by localized deformation clearly differ in the two materials.
Based on the characteristics of serrations, different types of PLC bands can be classified; the most
common terminology distinguishes three different types [14,22,28,58,59]. Type A is characterized
by repeated nucleation of single bands that move continuously from one side of the gauge length
through the entire specimen. The corresponding stress-strain curves typically show a sudden increase,
followed by a drop below the original stress level. Type B PLC bands are quickly arrested after
nucleation; instead of widespread propagation, new bands are formed in the direct vicinity of the
arrested bands. The stress-strain signal shows rapid serrations that oscillate around the original stress
level. Type C PLC bands are associated with nucleation of randomly located bands within the gauge
length and show repeated drops below the stress level followed by non-linear stress increases. For both
AA2017 and AA2017 (10 vol. % SiC), we observed type A PLC bands in W-condition, see the higher
magnification inset of Figure 3. The amplitudes of the serrations in Figure 3a (base material) are not
as pronounced as in the inset in Figure 3b (particle reinforced material). This may be attributed to
the stress fields of the particles, which represent obstacles for dislocation motion and thus increase
the pinning effect. Between each large stress drop and the next pronounced serration in Figure 3b,
we also observe additional serrated flow with lower amplitudes. These second-order serrations might,
in theory, indicate the additional formation of type B PLC bands. However, such bands could not
be recorded by our DIC observations. Therefore, we conclude that the propagation of the observed
PLC bands (type A) is stopped temporarily by the stress fields of individual or clusters of several.
This leads to additional pinning on the macro-scale (i.e., pinning of the propagating band as opposed
to pinning of individual dislocations). We note that the amplitude of stress-strain serrations may also
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be influenced by the stiffness of the testing device, by the geometry of the specimen and by the surface
quality of the specimen [8,17,21,45].

Figure 4 shows the results of the (compressive) jump tests of both materials in the solution
annealed condition (W). The green and blue curves illustrate the true stress-true strain data (which
are required for determining m-values) of the base material and of the particle reinforced material,
respectively. In a range from 10−5 s−1 to 10−2 s−1 both materials exhibit a positive stress overshoot
immediately after each strain rate jump. This stress reaction to strain rate jumps is generally referred to
as instantaneous strain rate sensitivity [5,13,14,38,60] and is usually followed by a transient period of
stress before the flow stress reaches a new steady state. This instantaneous strain rate sensitivity always
takes positive values and can be rationalized with the time-dependence of the solute concentration
near mobile dislocations [36]. However, after reaching the steady state, the true stress-true strain
curves exhibit a different behavior: In the range from 10−5 s−1 to 10−2 s−1 both materials actually
respond with decreasing flow stresses when the strain rate is increased. Consequently, a decrease of the
strain rate leads to an increase of the flow stress after each jump for both materials. From this behavior,
a negative strain rate sensitivity for both materials in the W-condition is determined (see Table 2).
For all jumps from low strain rates to high strain rates, negative strain rate sensitivity values m were
calculated. With the negative strain rate sensitivity factors m for both materials a necessary requirement
for the occurrence of PLC effects is fulfilled [27–30].

Figure 4. True stress-true strain curves measured in compressive jump tests with strain rates ranging
from 10−5 s−1 to 10−2 s−1 for both materials in the solution annealed condition (W). When strain
rates are reduced (first jumps and final jump), flow stresses are increased; an increase of the strain rate
(intermediate jumps) leads to decreasing flow stresses. This clearly indicates that both materials exhibit
a negative strain rate sensitivity.

Table 2. Strain rate sensitivity m, determined from different strain rate jumps for solution annealed
AA 2017 (base material and particle reinforced alloy). All data represent are arithmetically averaged
parameters (±standard deviations) from at least three similar tests.

Strain Rate Jump in s−1 10−5 to 10−4 10−4 to 10−3 10−3 to 10−2

True Strain in% 4.61 5.62 7.68

m base material −0.0044 ± 0.0006 −0.0083 ± 0.0006 −0.0105 ± 0.0011
m reinforced −0.0231 ± 0.0004 −0.0062 ± 0.0034 −0.0060 ± 0.0001
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The results of additional jump tests with alternating strain rates (between 10−3 s−1 and 10−2 s−1)
shown in Figure 5a confirms the negative strain rate sensitivity. Again, both materials exhibit the
typical instantaneous (overshoot) strain rate sensitivity for all conditions (W and T4). The stress
overshoot for the reinforced conditions is much higher than for the base material. Figure 5b shows the
strain rate sensitivity values plotted versus true strain calculated from the jumps of stress-strain curves
shown in Figure 5a. The results of both W-conditions again highlight that an increased strain rate leads
to decreasing flow stresses. Interestingly, in case of both T4-conditions, a negative strain rate sensitivity
was observed, too. However, the absolute m-values of these conditions are considerably smaller
compared to the values determined for the W-conditions. We also note that absolute m-values exhibit
a tendency to decrease with increasing plastic strain. This decrease is assumed to originate from aging
during compressive testing as already reported in [2,4,5,32] (and for AMCs in [9]). Moreover, a decrease
of absolute values of negative strain rate sensitivity is in good agreement with the absence of serrated
flow (PLC effect) for the naturally aged condition (T4) in the tensile tests at RT mentioned above.

Figure 5. Compression tests with alternating strain rates between 10−3 s−1 and 10−2 s−1. (a) True
stress-true strain curves of jump tests for both materials in solution annealed (W) and naturally aged
condition (T4). (b) Strain rate sensitivity m versus true strain calculated from the true stress-true strain
curves in a).

For the discussion of the influence of temperature on PLC effects, the results of the tensile
tests performed at −60 ◦C and −196 ◦C and at a constant strain rate (10−3 s−1) of the base material
(in conditions W and T4) are presented in Figure 6. Figure 6a shows a reduction of stress serrations for
the solution annealed condition W compared to the tensile tests at RT (see Figure 3a). Additionally,
the critical strain for the onset of serrated flow in the W-condition is shifted to a larger engineering
strain value of 11.3%. The T4-condition of the base material does not exhibit any serrations at −60 ◦C.
At a testing temperature of −196 ◦C (Figure 6b) the stress-strain curve of the W-condition does not
show pronounced serrations; a slight waviness of the stress signal is most likely related to film boiling
of the liquid nitrogen. A critical strain for the onset of stress serrations cannot be determined reliably
for the W-condition. For the T4-condition, again, no serrations are observed.
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Figure 6. Tensile engineering stress-strain curves measured at low temperatures. (a) AA2017 base
material in solution annealed condition W and in naturally aged condition T4 at −60 ◦C. (b) AA2017
base material in solution annealed condition W and in naturally aged condition T4 at −196 ◦C. Only
the W-conditions still exhibit a slightly serrated flow associated with the PLC effect (inset at higher
magnification). The serrations decrease with decreasing testing temperature.

Figure 7 shows the results of low-temperature tensile testing of the particle reinforced material
for both conditions (W and T4). As already found for the base material (see Figure 6), the particle
reinforced material in Figure 7a shows a significant decrease of serrated flow at −60 ◦C compared
to RT (see Figure 3b). Again, the critical strain for the onset of stress serrations in the W-condition
is shifted to larger strain values of about 7.0% compared to 1.9% at RT. At −60 ◦C, stress serrations
are already completely suppressed for the T4-condition. Figure 7b shows a similar characteristic
of stress-strain behavior compared to the behavior of the base material shown in Figure 6b. Lower
testing temperatures (−196 ◦C) lead to a reduction of serrations in the stress-strain curve for the
W-condition compared to testing at RT (see Figure 3b). Again, the critical strain for the onset of stress
serrations cannot be determined clearly. For the T4-condition, an absence of serrations is observed,
i.e., the PLC effect is completely suppressed. In summary, the suppression of serrated flow at lower
temperatures (−60 ◦C and −196 ◦C, Figures 6 and 7) clearly indicates that thermally activated and
diffusion-controlled processes are primarily responsible for serrated flow at RT in the materials studied
here, irrespective of whether they contain particles (which tend to increase stress amplitudes during
serrated flow) or not. Temperature reduction leads to reduced diffusivity of the solute atoms and thus
to a lower efficiency of dynamic strain aging processes in the AA2017 alloy.

Figure 7. Tensile engineering stress-strain curves at low temperatures. (a) Particle reinforced AA2017
material in the solution annealed (W) and naturally aged (T4) conditions at −60 ◦C. (b) Particle
reinforced AA2017 material in solution annealed (W) and naturally aged (T4) conditions at −196 ◦C.
Only the W-conditions exhibit some serrated flow (inset at higher magnification). PLC effects are
reduced by decreasing the testing temperature.
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Additional experiments were performed to further study the material condition that exhibits
the most pronounced PLC effect, particle reinforced AA2017 in W-condition. Simultaneous DIC and
acoustic emission measurements were performed during uniaxial tensile tests at RT. Representative
results of these tensile tests are shown in Figure 8. Figure 8a shows the evolution of stress, strain and
of the acoustic emission signal as a function of time. In this figure, “macroscopic” strain represents the
average uniaxial strain value across the entire surface area that was evaluated by DIC. Both stress and
strain signals clearly indicate serrated flow; stress drops coincide with positive jumps of macroscopic
strain. The acoustic emission signal is represented by the black line in Figure 8a (the signal simply
represents the integral acoustic intensity). Each distinct stress drop is also accompanied by perceptible
acoustic emission, see also the video provided as supplementary material (Video S1: PLC effect
reinforced AA2017 using DIC and AE). The DIC observations show that the measured acoustic
emission is clearly associated with the nucleation of a separate deformation band in the material,
which is accompanied by a distinct stress drop at the same moment as band nucleation provides a
sudden increase in local strain and thus partially elastically unloads the tensile sample. In Figure 8b,
the nucleation and two stages during the propagation of one representative deformation band
are shown as DIC-derived strain maps, where strain values correspond to uniaxial tensile strains
determined in the (loading) x-direction. These characteristic situations are marked in the stress curve
of Figure 8a (A,B,C). The nucleation (A) of a single deformation band at the lower end of the gauge
length accompanied by a distinct stress drop can be clearly identified. Further deformation proceeds
by propagation (B) of the single band across the gauge length. This is accompanied by very small
serrations of the stress signal, most likely due to dislocation particle interactions at the reaction front of
the deformation band [42]. Interestingly, no secondary PLC band nucleation is observed, confirming
that the PLC effect observed here is not of type B. Immediately prior to the next distinct stress drop
(accompanied by the nucleation of a new deformation band) the current PLC band reaches the opposite
end of the gauge length (C). This process occurs repeatedly during tensile deformation until final
fracture. The combination of DIC and acoustic emission provides detailed information on nucleation
events and on the propagation of individual PLC bands. Acoustic emission may even contribute to
an analysis of the microstructural interaction of the growing band with the material’s reinforcement
particles, which is the subject of ongoing work.

Figure 8. (a) Engineering stress, engineering strain and acoustic emission signal (the signal simply
represents the integral acoustic intensity) as a function of testing time during uniaxial tensile testing of
the particle reinforced material (W-condition) at RT. The stress signal (red) shows distinct stress-drops
accompanied by strain discontinuities (blue curve) and a perceptible acoustic emission (black curve).
(b) Strain fields measured by DIC (uniaxial tensile strain maps) at different stages of the evolution of
a single PLC band (type A): Nucleation (A) and propagation (B to C) of a single deformation band.
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4. Summary and Conclusions

Serrated flow was investigated in an age-hardenable Al-Cu alloy AA2017 and in a particle
reinforced AA2017 alloy (10 vol. % SiC) as a function of heat treatment condition, applied strain rate,
as well as testing temperature. Two different heat treatment conditions were analyzed: solid solution
annealed (W) and naturally aged (T4). It was found that both materials exhibit a typical serrated
flow in the W-condition during tensile testing at ambient temperature. Furthermore, a difference
in the plastic strain onset of the initiation of serrated flow was observed. An earlier onset occurs
in the particle reinforced material, which can be attributed to an accelerated dynamic strain aging
due to a comparatively faster increase of dislocation density during plastic deformation. We also
documented a negative strain rate sensitivity during compressive jump tests from 10−5 s−1 to 10−2 s−1

for both materials and both conditions. The (negative) strain rate sensitivity values determined for the
T4-conditions show considerably lower absolute values compared to the W-condition. This is in line
with the observation of a reduced serrated flow (PLC effect) for the naturally aged condition (T4) in
tensile tests at RT.

During tensile tests at lower deformation temperatures (−60 ◦C, −196 ◦C), a shift of the critical
strain values for the onset of serrated flow in the W-condition to larger strain values and a decreased
amplitude of stress fluctuations were observed. Serrated flow is completely suppressed at lower
temperatures for T4-condition. The temperature-dependence of serrated flow in both materials reveals
that thermally activated and diffusion-controlled processes are the main reason for the different flow
behavior of the materials at RT, −60 ◦C, and −196 ◦C. The nucleation and propagation of single PLC
bands were characterized using DIC and acoustic emission measurements for the condition with the
most pronounced PLC effect (particle reinforced AA2017 in W-condition). DIC strain maps confirm
that the PLC bands are of type A. Acoustic emission data can be directly related to nucleation events
of distinct bands.

Supplementary Materials: The following are available online at www.mdpi.com/2075-4701/8/2/88/s1, Video
S1: PLC effect reinforced AA2017 using DIC and AE.
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Abstract: The reinforcement of aluminum alloys with particles leads to the enhancement of their
mechanical properties at room temperature. However, the creep behavior at elevated temperatures
is often negatively influenced. This raises the question of how it is possible to influence the creep
behavior of this type of material. Within this paper, selected creep and tensile tests demonstrate the
beneficial effects of boron on the properties of precipitation-hardenable aluminum matrix composites
(AMCs). The focus is on the underlying microstructure behind this effect. For this purpose, boron
was added to AMCs by means of mechanical alloying. Comparatively higher boron contents than in
steel are investigated in order to be able to record their influence on the microstructure including
the formation of potential new phases as well as possible. While the newly formed phase Al3BC can
be reliably detected by X-ray diffraction (XRD), it is difficult to obtain information about the phase
distribution by means of scanning electron microscopy (SEM) and scanning transmission electron
microscopy (STEM) investigations. An important contribution to this is finally provided by the
investigation using Raman microscopy. Thus, the homogeneous distribution of finely scaled Al3BC
particles is detectable, which allows conclusions about the microstructure/property relationship.

Keywords: aluminum matrix composites; creep behavior; Raman microscopy; Al3BC; particle
reinforced; powder metallurgy

1. Introduction

Within the Collaborative Research Center 692, a series of particle-reinforced aluminum matrix
composites (AMCs) based on a precipitation-hardenable aluminum alloy were produced and
investigated. The results on room temperature properties are published in [1–6]. In addition, creep
tests were carried out, in which all tested AMCs showed higher creep rates than the unreinforced
reference material.

An important mechanism that influences the creep rate of particle-reinforced materials is the
acceleration of the precipitation kinetics [7]. Particularly, this is caused by the high dislocation density
in the vicinity of the reinforcement particles [8]. The reference material was consolidated analogously
to the AMCs by hot isostatic pressing and extrusion. However, it was not high-energy ball milled.
This means that in addition to the particle reinforcement itself, the strong strain hardening is a
significant difference between the AMCs and the reference material. This is in turn accompanied by the
formation of a very fine-grained microstructure. Unlike at the time-independent plastic deformation,
a fine-grained structure has a negative effect on the creep behavior. For example, in case of diffusional
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creep, the creep rate behaves in inverse proportion to the square of the grain size and in case of grain
boundary diffusion even to the cube [9,10]. Furthermore, it was confirmed that the direct effects of the
particles compared to the indirect ones by influencing the matrix material is smaller [11].

This correlation was also confirmed by a series of experiments on the creep behavior of the highly
plastically deformed reference material by equal channel angular pressing (ECAP) [12]. From this,
it can be derived that in addition to grain boundary sliding, diffusion-controlled mechanisms in
particular dominate the creep behavior of the investigated AMCs. These include the mechanisms
of creep as well as the accelerated precipitation kinetics. Thus, a possible approach to increase the
resistance against creep shall be the obstruction of diffusion processes or the stabilization of the grain
boundaries. In steels, this is realized by alloying elements with a small atomic radius, such as boron or
lithium [13,14].

The resistance against creep is already significantly increased by a boron content in the ppm
range [15]. Boron dissolved in austenite has a high binding energy to lattice defects such as dislocations
and vacancies and therefore segregates at grain boundaries during cooling [16,17]. This reduces
both the grain boundary energy and the diffusivity for iron and carbon along the grain boundaries.
Depending on the steel, the precipitation of M23(B,C)6 phases (borocarbides) with epitaxies to
the adjacent austenite grains follows. They stabilize the grain boundaries and are able to close
cavities [18,19]. The formation of borocarbides may also be considered an indicator of excessive boron
contents [20]. No indication can be found in the literature for a specific influence on the creep behavior
of aluminum materials by boron. The behavior of the material system aluminum and boron by means
of mechanical alloying has already been investigated [21]. When using up to 50 wt % B, the formation
of the boride AlB10 could be observed.

Within this paper, selected creep and tensile tests demonstrate the beneficial effects of boron
on the properties of precipitation-hardenable AMCs. The focus is on the underlying microstructure
behind this effect. For this purpose, boron was added to micro-scaled as well as to a nano-scaled
SiCp-reinforced AMC. Higher boron contents than in steel are investigated in order to be able
to record the influence on the microstructure including the formation of potential new phases.
While the newly formed phase Al3BC can be reliably detected by X-ray diffraction (XRD), it is
difficult to obtain optical information about the phase distribution by means of scanning electron
microscopy (SEM) and scanning transmission electron microscopy (STEM). An important contribution
to this is finally provided by the investigation using Raman microscopy. Thus, the homogeneous
distribution of finely scaled Al3BC particles can be detected, which allows conclusions about the
microstructure/property relationship.

2. Materials and Methods

The aluminum alloy that was used as matrix material was supplied in the form of a commercial,
gas-atomized, spherical powder with a particle size fraction <100 μm (TLS Technik GmbH & Co.
Spezialpulver KG, Bitterfeld, Germany). The chemical composition (in weight-percent) of the alloy
was 3.9% Cu, 0.7% Mg, 0.6% Mn, 0.1% Si, 0.2% Fe, balance Al (AA2017). As small particle sizes
minimize local stress concentrations in the aluminum matrix, fine-grained SiC alpha phase powder
with a fraction of smaller than 1 μm (97.5%, ESK-SIC GmbH, Frechen, Germany) as well as a nano
sized beta phase with a fraction smaller than 200 nm (PlasmaChem, Berlin, Germany) were used as
reinforcing components.

The composite powder was processed in a water-cooled high-energy ball mill Simoloyer® CM08
(Zoz Company, Wenden, Germany) with ceramic lining. Milling was performed for at least four hours
in air atmosphere (closed milling chamber). The remaining oxygen is incorporated into the composite
powder and this leads to the formation of finely dispersed spinels (MgAl2O4) in the bulk material.
As the spinels are finely distributed in rather smaller quantities, there is no negative effect expected [22].
Since the powder has non-passivated surfaces after the milling process, there is a possibility of heating.
This happens only with an intense supply of oxygen and the reaction is generally moderate due to the
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size of the composite particles. However, appropriate precautions should be taken into consideration.
Results regarding the influence of the milling atmosphere were published in [2].

The addition of boron was also done by means of high-energy ball milling. Boron particles
(>95%, Sigma-Aldrich, St. Louis, MO, USA) with a size of approx. 1 μm have been used for this
purpose. The boron particles behave similarly to the ceramic particles within the aluminum matrix.
To limit welding of the particles, as well as adhesion to the rotor, balls, and chamber, small amounts of
stearic acid (C18H36O2, Merck KGaA, Darmstadt, Germany) were added as process control agent [23].
To remove the stearic acid after milling, the composite powder was first subjected to hot-degassing
(450 ◦C, 6 × 10−2 bar, 4 h). Compaction for all materials was then performed by hot isostatic pressing
at 450 ◦C for 3 h and at a pressure of 1100 bar. Finally, the material was extruded in a temperature range
between 355 and 370 ◦C to produce semi-finished square bars with a cross section of 15 × 15 mm2.
The extrusion was performed with a punch speed of 2 mm/s and an extrusion ratio of 42:1. Hot isostatic
pressing and extrusion were realized by PLM GmbH (Gladbeck, Germany). All materials were
solid solution heat treated at 505 ◦C for at least 60 min, water quenched and naturally aged at room
temperature (T4 condition). Details on the preparation of this kind of AMCs are published in [3–5,22,24].
Table 1 shows the composition of the five AMCs that are the subject of this paper.

Table 1. Composition of the investigated AMCs (aluminum matrix composites).

Volume Fraction in vol %

SiC < 1 μm SiC < 200 nm Boron

10 - -
10 - 0.9
10 - 3.0
- 5 -
- 5 5.0

For the characterization of strength and ductility, cylindrical tensile specimens (with an aspect
ratio of the gauge length of three) were machined from the billets in the direction of extrusion.
Quasi-static tensile tests were performed at room temperature in a conventional testing machine
(Zwick GmbH & Co. KG, Ulm, Germany) with a constant cross-head speed corresponding to an initial
strain rate of 10−3 s−1. At least three tests were performed for the different material conditions,
in particular to provide better statistics on fracture strains of the AMCs.

The creep tests were carried out on a creep testing machine ATS 2330 (ATS Inc., Butler, PA, USA)
with a maximum force of 53 kN. All tests were carried out under uniaxial tensile load. The sample
geometry was cylindrical with a measuring length of 30 mm and a measuring length diameter of 6 mm.
The total length of the samples was 80 mm. They were fastened within the testing machine by means
of two ISO metric screw threads (M12). The qualitative creep tests were carried out at a temperature
of 180 ◦C. This corresponds to a homologous temperature of 0.35 of the matrix alloy, which is the
maximum service temperature of the AA2017 alloy. The tension used in all experiments was 200 MPa.
At least two parallel samples were tested in each case.

Metallographic sections of the bulk material were prepared by mechanical grinding and polishing.
The microstructures were analyzed by scanning electron microscopy (SEM) and scanning transmission
electron microscopy (STEM) on thin sections using a Neon40 (Zeiss AG, Oberkochen, Germany)
field emission microscope operating at 30 kV with energy dispersive X-ray spectroscopy (EDX).
The specimens for optical micrograph (OM) analysis were taken from the transverse plane and from
the flow plane (i.e., parallel to the direction of extrusion). To determine the phase composition,
XRD investigations were performed with a D8 Discover (Bruker Corp., Billerica, MA, USA).
The measurements were carried out using a copper K-alpha radiation.

For the additional high-resolution chemical analysis, selected samples were analyzed by flight
of time secondary ions mass spectrometry (ToF-SIMS) by tascon GmbH (Münster, Germany).
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The minimum diameter of the beam was 300 nm. By recording a spectrum for each sample point,
information about the atomic and molecular structure of the outer 1 to 3 monolayers of the solid was
obtained. The sensitivities are in the ppm range with a lateral resolution of up to 100 nm.

Raman studies were performed using the inVia Raman microscope (Renishaw, Gloucestershire, UK)
with a frequency-doubled Nd:YAG laser having a wavelength of 532 nm, and a maximum power
of 100 mW. The advantage of Raman microscopy or Spectroscopy over the X-ray fine structure
analysis is that using Raman many spectra within an area of a few 100 μm2 can be recorded due to
scanning with a high spatial resolution. For this purpose, a laser power of 50%, a measuring time
per step of 1 s, and a step size of 0.2 μm has been used. The spectra can then be assigned to specific
phases based on the characteristic peaks. Finally, using this data, a spatially resolved mapping of the
identified phases can be generated. Above all, not only ceramics can be measured using Raman but
also intermetallic phases, in contrast to pure metals can be Raman-active. Accordingly, this method
provides a useful complement to the microstructural characterization of AMC materials whenever the
expected phases and associated Raman spectra are known. The SiC polytype can also be identified by
Raman spectroscopy because of its characteristic peaks [25]. This includes the cubic and hexagonal
modifications used within this paper.

3. Results and Discussion

3.1. Influene of Boron on the Creep Behavior and Tensile Strength

A boron content of 0.9 vol % slows down the minimum creep rate of the micro-scaled AMCs
with 10 vol % volume fraction and prolongs the time to fracture, Figure 1a. Higher boron contents of
3.0 vol % and 5.0 vol % lead to a further marked improvement. It should be noted that the material
with a boron content of 5.0 vol % is based on nanoscaled reinforced AMCs (5 vol % SiC particles).
However, the reference AMCs without boron achieve similar results in the creep test.

The addition of boron also led to significant improvements in the stress-strain behavior, Figure 1b.
Thus, a boron content of 0.9 vol % lead to a similar effect as caused by the increase of the SiC
content by about 5 vol % in AMCs. The elongation at break decreased analogously. The further
increase to 3.0 vol % boron caused only a relatively small increase in strength but in proportion to
lower elongation.
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Figure 1. Influence of boron content on selected mechanical properties, based on: (a) tensile creep tests
at a temperature of 180 ◦C and a stress of 200 MPa; (b) tensile tests.

3.2. Microstructure

In the extruded AMC material (Figure 2) boron-containing phases in the micron range can be
detected. Especially on the ion-etched cross sections even smaller ones become visible. In Figure 2b,
a boron enrichment at high-angle grain boundaries is possibly recognizable. By means of STEM,
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the identification of the boron containing particles succeeds only to a limited extent. There are now
even more different phase particles with very small dimensions than in the AMC without boron.
Figure 3 confirms the presence of boron by means of STEM on a rather large particle. The figure further
illustrates the problem of the phase assignment in the present microstructure.

(a) (b) 

Figure 2. SEM images (SE) on the ion-etched cross section of an AMC reinforced with 10 vol % SiC
and 3 vol % boron; matrix material: AA2017; size of the SiC and B particles: about 1 μm; B-containing
phases (black), IM phases (white), SiC particles (hardly contrasted); (a,b) with different magnification.

 

Figure 3. STEM (scanning transmission electron microscopy) image on the cross section of an AMC
reinforced with 10 vol % SiC and 3 vol % boron.

In addition to the different structural components, TEM-typical diffraction contrast makes the
evaluation of TEM and STEM examinations more difficult. These include different orientation,
oblique grain boundaries and interfaces, crystal bendings, and the variation of the preparation
thickness. Accordingly, it is probable that in addition to the proven phase, there may possibly be other
considerably smaller boron-containing particles. ToF-SIMS investigations seem to be confirming the
existence of a fine boron network at the grain boundaries (Figure 4). However, the clear evidence
is still missing. The images also suggest that there is an affinity between B and Mg, which leads
to the formation of Mg-B particles, presumably MgB2. By comparison with the results of ToF-SIMS
investigations on high energy milled powders, it can be demonstrated that this intermetallic Mg- and
B-containing phase is formed at a higher temperature during the powder metallurgy processing and is
not yet detectable in the powder stage (Figure 5).
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Figure 4. ToF-SIMS (flight of time secondary ions mass spectrometry) mapping on the cross section of
an AMC reinforced with 10 vol % SiC and 3 vol % boron; matrix material: AA2017; size of the SiC and
B particles: about 1 μm.

Figure 5. ToF-SIMS mapping on the powder section of composite powder reinforced with 10 vol % SiC
and 3 vol % boron; matrix material: AA2017; size of the SiC and B particles: about 1 μm.

A reliable determination of the chemical composition by means of EDX is not possible due to
the small size of the phase particles. Due to the low quantity and the low content, detection by XRD
examinations is also not successful. However, the aluminum boron carbide phase Al3BC, which was
not yet been found in the powder is detectable (Figure 6).
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Figure 6. X-ray fine structure analysis of an AMC reinforced with 10 vol % SiC and 3 vol % boron and
the underlying composite powder; matrix material: AA2017; size of the SiC and B particles: about 1 μm;
1: Al, 2: SiC, 3: Al3BC.
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The existence of this phase within the samples was confirmed by means of Raman microscopy.
The basis for this investigation is the work of Meyer [26,27], who dealt with Raman and infrared
spectra of Al3BC and other ternary aluminum carbides. Figure 7 shows the results of the Raman
investigations. The spectra of a sample containing 3 vol % of boron and the corresponding reference
AMC without boron are obtained by averaging all the measured spectra within the mapping area.
The band used for the evaluation of the false color representation is marked with the corresponding
color. The identification of the phase Al3BC succeeds from the bands detected by Meyer [26,28] at
147, 335, and 520 cm−1.

 

(a) 

(b) 

 
(c) (d) (e) 

5 μmOM

5 μm326

5 μm788 5 μm1141 5 μm1588

Figure 7. Raman mapping at an AMC with 10 vol % SiC and 3 vol % B and the averaged single spectra
of the sample and the reference AMC with 10 vol % SiC; (a) optical micrograph of measuring area
for mapping by bands: (b) at 326 cm−1 for Al3BC, (c) at 788 cm−1 for SiC, (d) at 1141 cm−1 for boron,
and (e) 1588 cm−1 for carbon.

The measured bands of the own samples are at 147, 326, and 508 cm−1. This means that with
increasing wave numbers they are slightly shifted towards smaller wave numbers. Such peak shifts
indicate lattice distortions. In [29], the pressure-dependence of such shifts was investigated and
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illustrated by means of the Al3BC3 phase. Against this background, the peak shifts appears to be quite
plausible with regard to the processing history of the AMCs. Further, in contrast to the finely divided
phase particles, which apparently exist in a nanoscale, Meyer [26] recorded the spectra of single crystals
with a size of 4 × 4 × 0.3 mm3. The Al3BC mapping (red) illustrates the fine distribution by the fact
that the selected band is detectable at almost every measuring point of the sample. In addition to
Al3BC, the bands of SiC, boron (B band for comparison in [30]) and carbon were evaluated. The latter
is only very isolated and local, but already detectable in unreinforced samples, which was only hot
isostatic pressed. Their detectability illustrates the already indicated presence of small amounts of
carbon within the milled materials.

Nevertheless, even a small chemical interaction with the SiC particles cannot be ruled out. If the
stabilization of the grain boundaries by boron atoms is to be the decisive mechanism of action,
the explanation of this behavior would be that the higher boron content leads to a better boron
distribution within the material. The fact that steels with significantly lower boron concentrations
already produce the desired effect may be due to the atomic distribution at the grain boundaries.
For the investigated AMCs, the only possible way to get a good boron distribution at the grain
boundaries is through the diffusion processes that occur during powder metallurgical processing and
heat treatment. A higher boron content would thus ultimately improve the distribution along the grain
boundaries due to shorter diffusion paths and larger concentration differences. On the other hand,
the excess of boron content obviously leads to the formation of sufficiently small, well-distributed
borocarbide phases. This is the reason why neither the stress-strain behavior nor the creep behavior
at elevated temperature is adversely affected. Like any particle reinforcement, they can also have a
significant contribution to the creep behavior. This is particularly true if they, unlike precipitations,
are thermally stable and thus remain very small.

4. Conclusions

Mechanical alloying has been used to add boron to particle-reinforced aluminum matrix
composites. The main goal was to influence the creep behavior towards smaller creep rates. The results
of the subsequent investigation of the creep behavior, the tensile strength, and the microstructure lead
to the following conclusions:

• The distribution of boron particles succeeds. However, occasionally larger B-particles remain
detectable. SEM and ToF-SIMS investigations indicate a fine distribution within the matrix.

• Both the creep resistance as well as the tensile strength increase with increasing boron content
within the frame tested.

• By X-ray diffractometry, the newly formed phase Al3BC can be detected. The existence of the
phase can be confirmed by investigations using Raman microscopy. In addition, this makes it
possible to visualize the distribution of the phase within the matrix by means of Raman mapping.

• The mechanism behind the improvement in creep resistance is not clear according to the current
knowledge. The element boron may affect the diffusivity of the AMCs as well as grain boundary
sliding as expected. On the other hand, it is also likely that the phase Al3BC has a share in the
improvement of the tested mechanical properties. After all, it is very small, well distributed,
and stable against aging.
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Abstract: Energy and resource efficient systems often demand the use of light-weight materials with
a specific combination of properties. However, these requirements usually cannot be achieved with
homogeneous materials. Consequently, composites enabling tailored properties gain more and more
importance. A special kind of these materials is aluminium matrix composites (AMCs), which offer
elevated strength and wear resistance in comparison to the matrix alloy. However, machining of these
materials involves high tool wear and surface imperfections. An approach to producing high-quality
surfaces consists in roller burnishing of AMCs. Furthermore, such forming technologies allow for the
generation of strong compressive residual stresses. The investigations address the surface properties
in the roller burnishing of AMCs by applying different contact forces and feeds. For the experiments,
specimens of the alloy AA2124 reinforced with 25% volume proportion of SiC particles are used.
Because of the high hardness of the ceramic particles, roller bodies were manufactured from cemented
carbide. The results show that roller burnishing enables the generation of smooth surfaces with
strong compressive residual stresses in the matrix alloy. The lowest surface roughness values are
achieved with the smallest feed (0.05 mm) and the highest contact force (750 N) tested. Such surfaces
are supposed to be beneficial for components exposed to dynamic loads.

Keywords: aluminium; aluminium matrix composite; burnishing; finishing; forming; metal forming;
metal matrix composite; residual stress; roller burnishing; surface integrity

1. Introduction

Aluminium matrix composites are lightweight materials consisting of an aluminium alloy and at
least one reinforcing component. Depending on the type of reinforcement they can be classified into:

• Continuous fibre-reinforced AMCs.
• Whisker-reinforced or short fibre-reinforced AMCs.
• Particle-reinforced AMCs.
• Hybrid AMCs with different types of reinforcement.

The type, proportion, and kind of reinforcements significantly influence the properties of such
composites. In the majority of cases, an increase of the strength, the Young’s modulus, and the
wear resistance is aimed for. Consequently, most of AMCs are particle reinforced. Typical particle
reinforcements are silicon carbide and aluminium oxide, but titanium diboride, boron carbide,
titanium aluminide, or titanium dioxide can also be used [1]. The fabrication is realised by casting
processes (e.g., stir casting, squeeze casting, in-situ-casting, spray casting, infiltration), powder metallurgy
routes, friction stir processing [2], or selective laser melting [3].

Aluminium matrix composites exhibit a high potential for tribological applications, for example
brake discs, brake drums, and cylinder working surfaces of combustion engines. However, there are
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abrasive and adhesive wear mechanisms depending on the applied load and the properties of the
tribological system. An increase of the particle proportion can significantly reduce the wear rate [4].
This can be referred to the behaviour of the ceramic particles acting as load-bearing components.
Furthermore, the contact area between the AMC part and the counterpart is markedly reduced [2].
However, the surface structure of the friction partners strongly affects the mechanisms of action in
tribological systems.

In general, the surface properties of components influence the functional behaviour of technical
systems significantly. In addition to the material, the manufacturing processes are a key factor for
the surface integrity. Especially, a mechanical surface modification exhibits a very high potential for
a customised improvement of the performance, resulting from changes in the surface structure and
the surface layer. There are three basic effects that are involved in mechanical surface modification
processes [5]:

• A plastic deformation of the roughness peaks can result in a smoothing effect.
• The forces acting parallel and perpendicular to the surface lead, in combination with a plastic

deformation of the surface, to a stretched area with maximum strains at the surface.
• A Hertzian pressure yields to a maximum deformation below the surface.

These effects often involve a decrease of the surface roughness values, work hardening,
strong compressive residual stresses, and a grain refinement in the surface layer.
Consequently, appropriate mechanical modifications of the surface contribute to an enhancement of
the fatigue properties, corrosion resistance, tribological behaviour, and wear resistance.

However, there are many different technologies for a mechanical surface modification, which can
be subdivided in burnishing, shot peening, and machine hammer peening processes. The surface
properties depend strongly on the specific process parameters and can be varied in a large range.

AlMangour and Yang [6] investigated the surface quality and the mechanical properties after shot
peening of stainless steel. The results showed a significant reduction of the surface roughness values.
Furthermore, the properties of the surface layer could be modified markedly. The crystalline grain size
was approximately halved, but the micro-strain and the absolute values of the compressive residual
stresses could be increased considerably. The modified surface properties led to a reduction of the
wear volume loss in tribomechanical tests.

However, Scheel et al. [7] studied the influence of different mechanical processes on a modification
of the surface. For high strength aluminium alloys, a burnishing process led to stronger and deeper
residual stresses compared to shot peening. Consequently, specimens modified by a burnishing
process performed better in high cycle fatigue tests in comparison to untreated and shot peened
specimens respectively.

For a surface modification of rotationally symmetric components, burnishing processes are
preferred because of the simple integration in lathes. Many research studies deal with the burnishing
of different alloys, but there is only little information about burnishing of aluminium materials.

El-Axir et al. [8] studied the ball burnishing of the alloy 2014, using a hardened steel ball with a
diameter of 8 mm. The surface roughness values could be reduced markedly. For a higher burnishing
speed and a burnishing feed in the range of 0.15 mm to 0.25 mm, the smallest surface roughness values
were achieved. Moreover, for low speeds multiple burnishing passes should be applied, yet for higher
speeds surface deterioration occurs after repeated burnishing.

El-Tayeb et al. [9] investigated the ball burnishing of the alloy 6061 with hardened steel balls.
The results show an important influence of the burnishing force and the burnishing speed on the
surface roughness. For optimal parameters, an arithmetic mean surface roughness Ra of 0.09 μm
was achieved.

Nestler and Schubert [10] studied the influence of the machining parameters in diamond
smoothing of aluminium matrix composites (AMCs). This process is characterised by a sliding
relative movement of the diamond body and the workpiece instead of a primarily rolling relative
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movement of the roller body and the workpiece. The surface roughness values could be reduced
markedly by diamond smoothing, especially for the smallest feed applied. In this case, mean surface
roughness values after smoothing were about 0.04 μm for Ra and 0.7 μm for Rz using a diamond body
with a spherical radius of 2 mm. Furthermore, residual stresses in the matrix alloy of about −400 MPa
could be gained. The speed varied did not show any significant influence on the surface properties.

However, there are no studies in roller burnishing of heterogeneous materials like aluminium matrix
composites, although they gain more and more in importance. Consequently, appropriate parameters
for roller burnishing of particle-reinforced AMCs have to be found. The focus of the research is on
the surface structure and the residual stress state. Both aspects can influence the functional behaviour,
especially fatigue properties or corrosion resistance, markedly.

2. Materials and Methods

For the experiments an aluminium matrix composite consisting of the alloy AA2124 and
SiC particles with a volume proportion of 25% was used. The AMC is produced by a powder
metallurgy route comprising a high energy mixing process and subsequent hot isostatic pressing
for powder consolidation. Afterwards, the billets are extruded to bars applying an extrusion ratio
of about 50:1. For an increase of the material strength, the bars are heat treated to the condition T4
(solution annealed, quenched and naturally aged). Figure 1 shows the microstructure of the material
in the longitudinal direction.

  
(a) (b) 

20 μm 20 μm

Figure 1. SEM (scanning electron microscope) micrographs of the microstructure of the aluminium
matrix composite in the longitudinal direction: (a) SE (secondary electrons) mode; (b) QBSD
(quadrant backscatter electron detector).

The mean particle size lies in the range of 2 μm to 3 μm. However, there are many smaller
and some larger particles, too. The cross-section polish for the longitudinal direction reveals a slight
banding, resulting from the extrusion process. Table 1 represents the mechanical properties of the
material identified for the longitudinal direction (hardness excluded).

Table 1. Mechanical properties of the aluminium matrix composite with standard deviations out of
three tests (for the hardness out of five tests).

Parameter Characteristic Value

Yield strength Rp0.2 513 MPa ± 5 MPa
Ultimate tensile strength Rm 699 MPa ± 8 MPa

Young’s modulus E 117 GPa
Elongation without reduction of area Ag 4.6% ± 1.0%

Vickers hardness HV 219 HV10 ± 14 HV10
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The finally premachined specimens for the investigations in roller burnishing exhibit a diameter
of 23 mm and a length of 20 mm. Both faces are chamfered with an angle of 45◦ and a size of 1 mm.
For clamping, one face of each specimen comprises a blind hole with a diameter of 8 mm, and on the
opposite side there is a small centre hole. The values for the surface roughness depth Rz before roller
burnishing were in the range of about 5 μm to 7 μm.

The experiments were carried out on a precision lathe of the type SPINNER PD 32
(SPINNER Werkzeugmaschinen GmbH, Sauerlach, Germany). A clamping of the specimens with
a mandrel allowed machining the complete cylindrical length. Because of the high forces
in roller burnishing, for this process clamping was supported by an additional live centre
on the opposite side. The turning tools for premachining were carried by the disc turret
(BARUFFALDI S.p.a., Tribiano (MI), Italy). Because of the highly abrasive effect of the hard ceramic
particles CVD (chemical vapour deposition), diamond tipped indexable inserts were used. The turning
tools exhibit a polished rake face and a very sharp cutting edge with a rounding of about 3 μm.
For final premachining, an insert of the type VCGW 110304 (DTS GmbH – Diamond Tooling Systems,
Kaiserslautern, Germany) screwed on a tool holder of the kind SVVCN 1212 F11 (WNT Deutschland
GmbH, Kempten, Germany) was applied. Final premachining was realised with a feed of f = 0.14 mm,
a cutting speed of vc = 150 m/min, and a depth of cut of ap = 0.25 mm.

For burnishing, a discoid roller body with a radius of 21 mm in the rolling direction and a
radius of 2 mm perpendicular to the rolling direction was used. The roller body consists of cemented
carbide to withstand the hard ceramic particles in the AMC. The burnishing tool (BAUBLIES AG,
Renningen-Malmsheim, Germany) was mounted on a three-axis force dynamometer of the type Kistler
9257A (Kistler Instrumente AG, Winterthur, Switzerland) to monitor the rolling force. This force
can be varied by a change of the helical compression spring, its pretension, and the infeed. The tool
was adjusted to an angle of 90◦ between the direction of the burnishing force and the feed direction,
which corresponds to the axial direction of the specimens.

For all experiments, the rolling speed was kept constant at 150 m/min. The final rolling force
was adjusted by the infeed amounting to about 0.2 mm. The feed was varied in the range of 0.05 mm
to 0.15 mm and the rolling force from 250 N to 750 N using a full factorial design for these both
parameters. For each combination of parameters tested, three specimens were machined to assess the
process stability. The process parameters for roller burnishing are presented in Table 2. An emulsion
cooling with a concentration of approximately 5% was used to reduce the tendency for adhesion of the
aluminium based material on the indexable inserts and the roller body.

Table 2. Parameters for roller burnishing.

Process Parameter Values

Rolling force F 250 N; 500 N; 750 N
Rolling feed f 0.05 mm; 0.1 mm; 0.15 mm

Rolling speed v 150 m/min

The surface roughness in the axial direction was measured using a stylus instrument of the type
Mahr LD 120 (Mahr GmbH, Göttingen, Germany). The measuring length is 4 mm and filtering of
the profile is done in accordance to ISO 11562. Because of the comparatively strong influence of
surface imperfections on the roughness values, each specimen was measured thrice at different
positions. Additionally, for each parameter combination tested, one three-dimensional surface
profile was generated with the same measurement equipment including a supplemental cross table.
For these measurements, the distance of the measuring points is 1 μm for the circumferential and
the axial direction. The measuring field has a size of 2 mm in the axial direction and 0.5 mm in the
circumferential direction. For a detailed examination of the surfaces, the 3D profiles were leveled by the
subtraction method. Afterwards, a form removal was done by applying a fifth degree polynomial filter
(Digital Surf, Besançon, France). These data were used for detailed 3D images of the surface structure,
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representing a smaller area than measured. A characterisation of the porosity of the surfaces generated
by roller burnishing requires further mathematical procedures. After using a robust Gaussian filter with
a cut-off wavelength of 0.08 mm, a line by line leveling followed to remove the kinematic roughness.

Furthermore, SEM (scanning electron microscope) micrographs (Carl Zeiss AG, Oberkochen, Germany)
of the specimens’ surfaces were obtained using a Zeiss LEO 1455VP microscope to characterise the surface
structure and the imperfections. The residual stresses in the surface layer were determined by X-ray diffraction
analysis performed with a Siemens D5000 diffractometer (Siemens Aktiengesellschaft, Munich, Germany).
The measurements were done with a cobalt anode in the lattice planes {420} of the aluminium alloy using
sin2 ψ method. Thereby, an area with a diameter of about 2 mm was detected.

3. Results and Discussion

3.1. Influence of the Feed and the Rolling Force on the Surface Structure

A detailed understanding of the rolling process and a profound discussion of the results require
ample information about the structure of the premachined surface. Figure 2 presents details of the
surface structure of a premachined specimen.
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Figure 2. Surface structure of a premachined specimen (ap = 0.25 mm, f = 0.14 mm, vc = 150 m/min):
(a) 3D surface profile; (b) SEM micrograph (SEM magnification 100); (c) SEM micrograph
(SEM magnification 1000).

The three-dimensional surface profile shows distinct feed marks with a distance to each other,
corresponding to the turning feed of 0.14 mm. Furthermore, form deviations of the arc-shaped tool
corner and cutting edge chipping are reflected in this profile. A SEM micrograph with an overview
section (Figure 2b) confirms the feed marks. Additionally, numerous voids with different sizes and
shapes are revealed by a SEM micrograph with a larger magnification (Figure 2c).

The feed in roller burnishing has a significant influence on the surface structure. Figure 3
represents 3D surface profiles for a rolling force of 500 N.
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Figure 3. Influence of the rolling feed on the surface structure (F = 500 N): (a) f = 0.05 mm;
(b) f = 0.1 mm; (c) f = 0.15 mm.

Surfaces generated with a rolling feed of 0.05 mm are comparatively smooth and do not exhibit a
distinct “waviness”. This can be explained by the very small theoretical roughness, represented in
Figures 4 and 5. For an increase of the feed, a kinematic roughness is regularly formed on the surface.
The distance of the “single wave structures” complies with the rolling feed. However, there is an
alternation of a higher and a lower “wave”. This may be due to small form deviations of the roller
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body. For the geometrical dimensions applied, one revolution of the roller body requires about two
revolutions of the specimen, which underpins this assumption.
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Figure 4. Influence of the feed and the rolling force on the arithmetic mean surface roughness.
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Figure 5. Influence of the feed and the rolling force on the surface roughness depth.

The most common parameters for the characterisation of the surface structure are the arithmetic
mean surface roughness Ra and the surface roughness depth Rz. Figure 4 shows the influence of the
feed and the rolling force on the arithmetic mean surface roughness.

The error bars represent the scattering of the values starting at the lowest values and ending at
the highest value. Each coloured bar incorporates nine measurements (three measurements on each
specimen at different locations). The white bars indicate the calculated values using the equation:

Ratheor ≈ f 2

31.2 · r
(1)

The variable r stands for the radius of the roller body measured in the feed direction.
For the smallest feed applied, the measured values are in the same range, but higher than the
calculated value. This can be attributed to minor surface imperfections, especially voids and
grooves. However, an increase of the feed results suggests the increasing influence of the rolling force.
For lower forces, the measured values are smaller than the theoretical values. This is due to the stress
state in roller burnishing, characterised by a high hydrostatic proportion. However, only deviatoric
stresses contribute to the forming process. For higher feeds, the deviatoric stresses were not sufficient
to form the theoretical roughness profile completely. It can be concluded that an increase of the rolling
force involves a better forming of the theoretical roughness profile and consequently higher values for
the arithmetic mean surface roughness, especially for higher feeds.

However, there are some differences for the surface roughness depth, illustrated in Figure 5.
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The determination of the error bars is in accordance with Figure 4. For a feed of 0.05 mm,
the measured values are significantly higher than the theoretical value calculated with the equation

Rztheor ≈ f 2

8 · r
(2)

This can be ascribed to surface imperfections, which have a stronger influence on the surface
roughness depth than on the Ra-values. For the smallest force, the roughness profiles reveal deep voids
increasing the roughness values. With an increase of the force the number and the depth of the voids
decrease, resulting in smaller mean values and lower scattering. A reduction of the surface porosity
requires strong compressive stresses in the stress deviator. This is supported by an enlargement of
the rolling force. For an increase of the feed, the formation of the kinematic roughness profile gains
in importance compared to the surface imperfections. This leads, for a feed of 0.15 mm, to measured
surface roughness values Rz in the range of the theoretical value. Consequently, there is an increase
of the surface roughness depth with a raising feed, which complies with the Ra-values. The surface
roughness values for Ra and Rz lie in the same range like the values after diamond smoothing of
AMCs [10].

The valley void volume is used as a measure for the porosity of the surfaces generated by roller
burnishing. Figure 6 shows the influence of the feed and the rolling force on the valley void volume.
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Figure 6. Influence of the feed and the rolling force on the valley void volume.

There is no significant effect of the feed on the valley void volume except for the lowest force
applied. For all feeds tested, the rolling force of 250 N results in higher values for the valley void
volume. This indicates that the smallest force is not sufficient for a prevention of the formation of voids
or its closure. It is evidenced in particular for the feeds 0.1 mm and 0.15 mm, resulting in the highest
values. However, an increase of the rolling force leads to a reduction of the valley void volume. This is
confirmed by SEM micrographs (Figure 7) and can be referred to stronger compressive stresses in the
stress deviator.
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Figure 7. SEM micrographs of details of the surfaces generated with f = 0.15 mm: (a) F = 250 N;
(b) F = 500 N; (c) F = 750 N.
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Surfaces generated with a rolling force of 250 N exhibit comparatively large and deep voids
(Figure 7a). Furthermore, slight grinding grooves of the roller body are transferred to the surface
of the specimens running in the circumferential direction. For an increase of the rolling force,
the compressive stresses in the stress deviator become stronger. Consequently, the area and the
depth of the voids decrease.

3.2. Influence of Roller Burnishing on the Residual Stresses

An evaluation of the residual stresses after roller burnishing requires information about the
residual stress state of the premachined specimens. The X-ray diffraction analysis of a premachined
specimen showed residual stresses of about −32 MPa in the axial direction and −95 MPa in the
circumferential direction, both for the aluminium alloy. The roller burnishing process generally
resulted in a significant increase of the absolute values of the residual stresses. However, for the feeds
applied only small differences concerning the residual stress state of the burnished surface occurred.
Figure 8 represents the results for a feed of 0.15 mm.
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Figure 8. Influence of the rolling force on the residual stresses for a feed of 0.15 mm.

The red bars represent the residual stresses in the circumferential direction and the green bars the
residual stresses in the axial direction. The first principle residual stresses (blue bars) approximately
comply with the residual stresses in the axial direction. Consequently, the first principle axis has nearly
the same direction as the rotational axis of the specimens. This can be attributed to the strongest
compression of the surface area in the axial direction, resulting from the kinematic roughness of the
premachined specimens. The diagram shows, for a feed of 0.15 mm and an increasing force, a slight
growth of the absolute values of the residual stresses. This may be due to a decrease of the porosity
of the surfaces, characterised by the valley void volume. The absolute values of the residual stresses
in the axial direction correspond nearly to the yield strength of the matrix alloy and are significantly
higher than the absolute values of the residual stresses in the circumferential direction. The reason for
this is the stronger reduction of the surface size of the premachined specimens, exhibiting a kinematic
roughness in the axial direction, to a nearly smooth cylindrical surface. The residual stresses in the
axial direction correspond to the values measured on the surface of burnished AA2024-T351 [7].

4. Conclusions

Based on experimental investigations in roller burnishing of particle-reinforced aluminium matrix
composites and detailed surface analyses the subsequent conclusions can be drawn.

• Roller burnishing of aluminium matrix composites leads to a significant decrease of the surface
roughness values. The lowest surface roughness value for Ra is about 0.05 μm.

• For a feed larger than 0.05 mm, the surface structure exhibits a kinematic roughness corresponding
to the calculated roughness values.
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• The roller burnishing process results in strong compressive residual stresses in the aluminium
matrix. The absolute values of the residual stresses in the axial direction are much higher than the
absolute values of the residual stresses in the circumferential direction.

• The results in roller burnishing concerning roughness and residual stress state at the surface are
comparable to the findings for diamond smoothing.

• The modification of the surface properties is expected to improve the wear and the
fatigue behaviour.

• Further investigations have to be done to characterise the changes in the microstructure and to
analyse the residual stresses in the subsurface area.
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Abstract: The research and development of new materials such as particle-reinforced aluminum
matrix composites (AMCs) will only result in a successful innovation if these materials show
significant advantages not only from a technological, but also from an economic point of view.
Against this background, in the Collaborative Research Center SFB 692, the concept of an integrated
technology, user, and market analysis and forecast has been developed as a means for assessing
the technological and commercial potential of new materials in early life cycle stages. After briefly
describing this concept, it is applied to AMCs and the potential field of manufacturing aircraft
components. Results show not only technological advances, but also considerable economic
potential—the latter one primarily resulting from the possible weight reduction being enabled
by the increased yield strength of the new material.

Keywords: aluminum matrix composites; light-weight materials; aircraft industry; integrated
technology; user; and market analysis and forecast; cost and revenues

1. Introduction

By the reinforcement of aluminum materials, improved mechanical properties can be achieved [1,2],
which is promising for applications, e.g., in automotive or aircraft industries. However, corresponding
research and development activities are in an early stage, the transferability of their results in industrial
applications is uncertain, and high risks exist. Usually it takes a long time to introduce new materials
into the automotive and the aircraft industry. Against this background, it is important to appraise
the technological, as well as commercial, potential [3] of the material innovation as early as possible.
For appraisal, the methodology of an integrated technology, user, and market analysis and forecast
is suggested.

Firstly, this paper presents the basic structure of the methodology which has been explored and
elaborated in the Collaborative Research Center SFB 692 [4,5]. Secondly, selected results of the technology
analysis and forecast, as well as user and market analysis and forecast of powder-metallurgically produced
particle-reinforced aluminum matrix composites (AMCs) [6–10] are outlined and reflected. Finally,
conclusions are drawn. The results will give some evidence about the technological, as well as
commercial, potential of AMCs, can be used for directing research activities, and—in case a sufficient
technology maturity can be achieved—might contribute to their dissemination on the markets.

Metals 2018, 8, 143; doi:10.3390/met8020143 www.mdpi.com/journal/metals173
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2. Methodology

For the appraisal of the commercial potential of a new technology, profound knowledge about
the potentials and disadvantages of this technology, the requirements and other characteristics of
potential users, and the market seems to be necessary. In order to contribute to the enhancement of
instruments of a systematic and effective innovation control, in the SFB 692 such a methodology of an
integrated technology, user, and market analysis and forecast has been explored and elaborated [4,5].
Technology analysis and forecast comprises the description and classification of the technology as well
as the view on competing technologies. In this paper, properties of powder-metallurgically produced
AMCs are described and compared to a reference matrix material without any reinforcements and
a commercially-available AMC (Duralcan) produced by means of a melt-metallurgical production
method. User analysis and forecast deals with the identification of potential application fields and
potential users in different stages of the value chain, the requirements and demands of these users,
as well as their willingness to pay. Therefore, it has to comprise an analysis of innovation-dependent
costs and benefits which are relevant from the perspective of users. For this task, life cycle costing
as well as (other) instruments for the cost (and revenue) appraisal of material, product, and process
technologies are available [11]. Since a commercialization can only succeed if the new technology
fits the requirements and demands, this has to be checked particularly. Market analysis and forecast
is intended to characterize the market and competitors and to forecast their performance. Finally,
technology appraisal integrates the results of analyses and forecasts to an overall appraisal of the
economic potential of a new technology. Figure 1 shows the basic structure of the methodology.

Figure 1. Basic structure of an integrated technology, user, and market analysis and forecast [4].

The arrangement of the several analysis and forecast components depends on the fact if
innovations are pushed onto the market (technology push) or if they are developed because of
concrete demand of users (demand pull). In case of a technology push (as it is intended in the case
of powder-metallurgically produced particle-reinforced aluminum matrix composites) it has to be
questioned initially what the new (material and process) technology can accomplish, which benefit
can be derived, and who can benefit. Then it has to be clarified which users (characterized by specific
requirements, demands, and willingness to pay) could apply the new technology in which stage of
the value chain. If the technology fits the requirements, a market analysis can be realized within a
third step, followed by an appraisal of the commercial potential of the technology. Sections 3–5 show
selected results and more methodical details of the integrated technology, user, and market analysis
and forecast applied to powder-metallurgically produced AMCs.
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3. Aluminum Matrix Composites Produced by Means of Mechanical Alloying—Technology
Analysis and Forecast

Aluminum materials are reinforced in order to improve the mechanical properties, such as the
Young’s modulus, the tensile strength, the yield strength, and the wear resistance [1,12]. The intensity
of the individual improvement on the properties due to the reinforcement depends heavily on the
type, size, amount, and distribution of the reinforcement particles. To achieve the desired properties,
a high degree of dispersion, complete embedding of the particles within the metal matrix, and the
development of a suitable interface are required [2,13]. In general, the smaller the particles, the higher
the possible property improvement, but the more difficult the manufacturing becomes.

The production of particle-reinforced aluminum matrix composites (AMC) can be realized by two
different ways, the powder-metallurgical and the melt-metallurgical processing. The first presents
significant advantages regarding material properties. The latter is not suited to reach a high dispersion
degree of nano-scaled particles in a metal matrix. Furthermore, the small particles would react
with the melt and disappear or form undesirable phases [14,15]. Therefore, powder-metallurgical
techniques are focused in the SFB 692 and in this paper. For this purpose, the methods high-energy
ball milling, hot isostatic pressing, and warm extrusion are used. First step is the manufacturing of the
composite powders (metallic powder dispersed with particles) by means of high-energy ball milling
(HEBM). It provides a homogeneous distribution of the reinforcement particles. The formation of
the final composite powder goes through several stages, which is typical for ductile-brittle powder
systems (Figure 2). Due to the high ductility of the Al-powder, the first stage of the milling process
is characterized by the formation of deformed flat Al-particles with a simultaneous attachment of
the SiC-reinforcement to the surface of these flakes. In the next stage, the cold welding of the flakes
amongst themselves dominates and leads to the production of large composite particles with lamellar
structure (mixture of alternating reinforced and unreinforced lamellae). Further milling of the lamellae
causes an increase in mixing and, thus, an improvement of the degree of dispersion.

 

Figure 2. Schematic formation of composite powder during high energy ball milling (based on [16]).

The composite powders have to be compacted in a subsequent step. A compaction method
which leads to fully dense materials is the hot-isostatic pressing. It is able to transfer the composite
powders into semi-finished products. Due to high scalability, the production on an industrial scale is
easily possible.

The data used within this article has been determined as part of the Collaborative Research Center
SFB 692. The production of the materials and their analysis was carried out under the conditions
outlined below.

The aluminum alloy that was used as matrix material was supplied in the form of a commercial,
gas-atomized, spherical powder with a particle size fraction <100 μm. The chemical composition
(in weight-percent) of the alloy was about 4.1% Cu, 0.7% Mg, 0.8% Mn, 0.1% Si, 0.2% Fe, balance Al.
Fine-grained SiC alpha phase powder with a fraction of about 1 μm, as well as a nano-sized beta phase
with a fraction size smaller than 200 nm were used as reinforcing components. The preparation of the
AMCs was carried out for the three volume fractions 5, 10, and 15 percent by volume.

The composite powder was processed in a high-energy ball mill Simoloyer® CM08 from Zoz
Company (Wenden, Germany). Milling was performed for at least four hours in air atmosphere.
Details on the preparation of this kind of AMCs are already published in [6–10].
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Compaction for all materials was then performed by hot isostatic pressing at 450 ◦C for 3 h and
at a pressure of 1100 bar. Finally, the material was extruded in a temperature range between 355 and
370 ◦C to produce semi-finished square bars with a cross-section of 15 × 15 mm. The extrusion was
performed with a punch speed of 2 mm/s and an extrusion ratio of 42:1.

For the characterization of strength and ductility, cylindrical tensile specimens (with an aspect ratio
of the gauge length of three) were machined from the billets in the direction of extrusion. Quasi-static
tensile tests were performed at room temperature in a conventional testing machine (Zwick-Roell)
with a constant cross-head speed corresponding to an initial strain rate of 10−3 s−1. At least three
tests were performed for the different material conditions, in particular to provide better statistics on
fracture strains of the AMCs. Figure 3 shows three AMCs produced in this way. Some related material
characteristics are listed in Table 1.

 
(a) (b) (c) 

Figure 3. SEM images of AMCs produced by means of high-energy ball milling, hot isostatic pressing
and extrusion in the T4 condition; matrix alloy AA2017; reinforced with SiC particles: (a) 15 vol %
β-phase with size < 0.2 μm; (b) 15 vol % α-phase with size < 1 μm; and (c) 10 vol % α-phase with
size < 1 μm.

Table 1. Selected properties of powder-metallurgically produced AMCs compared to the reference
matrix material without any reinforcements and a commercially available AMC (Duralcan) produced
by means of a melt-metallurgical production method.

Reference Material EN AW-2017 AMC Materials

AA 2017 Duralcan Duralcan (PVW Production)

T4 *1 F3S20S *2 Cast F3S20S *2 Extruded T4 (a) T4 (b) T4 (c)

SiC content in vol % none 20 20 15 15 10
SiC size in μm - 12 12 0.2 1.0 1.0

Tensile strength in MPa 425 218 355 683 630 580
Yield strength in MPa 275 191 253 540 480 465

Elongation in % 22.0 0.4 2,8 5.5 5.0 12.0
E modulus in GPa 73 99 113 92 100 90
α *3 in 10−6 K−1 23.4 17.1 17.1 18.9 17.9 19.5
K *4 in W/m K 141 192 192 123 126 133

*1 [17]; *2 [18]; *3 Thermal expansion coefficient; *4 Thermal conduction.

The authors have also already dealt with the fatigue behavior of AMCs [19,20]. On the one hand,
it becomes clear that an improvement is achieved especially at high load amplitudes above 150 MPa.
On the other hand, the behavior at stress amplitudes below 140 MPa is critical, since a fatigue limit
does not occur. The causes are often larger intermetallic precipitations resulting from contaminations.
A particularly high quality of the composites is, therefore, a basic requirement for applications with
cyclic loading. Further specific investigations of the material behavior are indispensable for the transfer
into the concrete application.
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4. User and Market Analysis and Forecast

As a base for the appraisal of the commercial potential of the properties of powder-metallurgically
produced AMCs, user analysis and forecast has to identify application fields and potential users and
has to analyze users’ requirements and willingness to pay for the improved properties. For this,
market research instruments, expert interviews, database analyses, creative techniques, instruments
of requirements management, such as quality function deployment, the lead user-approach, as well
as life cycle costing and (other) instruments for the cost (and revenue) appraisal can be used [5].
Potential application fields of AMCs can be derived from those of materials with similar properties
captured by material data bases. For example, the aluminum material data sheets edited by the
German Institute for Standardization (DIN) highlight a high mechanical strength, a high fatigue
strength, as well as (very) good machining characteristics as essential characteristics of the material
EN AW 2017A. Derivable typical applications are high-strength structural components in aircraft
construction, automotive engineering, or machine construction [5,21]. Since aircraft construction seems
to be a quite promising field of application at a first glance, it is focused in the following considerations.

In addition to titanium, steel, and composite materials, aluminum is a major aircraft material.
In aircraft construction, aluminum alloys are especially used in structural components of the fuselage
and the airfoil wings [22,23]. From the perspective of an aircraft component manufacturer as potential
user, relevant requirements and demands of airlines (regarding properties of aircrafts) and aircraft
manufacturers (regarding properties of aircraft components) are important to be analyzed and
forecast. A high strength, damage tolerance, as well as corrosion and fatigue resistance, a low
weight, good machinability, and low costs are requirements to be considered for the materials [5,22,23].
Concrete, specified requirements can be identified, analyzed, and forecast by the cooperation with
a potential lead user (e.g., an aircraft component manufacturer). Lead users are users whose needs
become general in the future. They are familiar with current and potential future conditions, can
provide design data and experience for specifying requirements [24]. Although specified data are
not available in this case until now, it can be assumed that the improved (tensile and yield strength,
thermal conduction) or at least competitive (E modulus, thermal expansion) material properties
of powder-metallurgically produced AMCs compared to the reference materials (Table 1) provide
potentials of a better fulfillment of user requirements. Additionally, from the improved yield strength a
considerable lightweight construction potential for components made of AMCs can be derived because
of reducible material cross-sections. Taking 250 MPa as a reference value of yield strength, 500 MPa
(approx. yield strength of powder-metallurgically produced AMCs, Table 1) represents a doubling of
the value. Based on a constant component strength, a reduction of the material cross-section by 50%,
a corresponding saving of material quantity, as well as weight reduction of 50% are enabled by the
usage of powder-metallurgically produced AMCs [5,25]. These potentials might (over-)compensate
the disadvantage of a lower elongation. A lower elongation of a material corresponds to a lower
reserve of permanent deformation before breakage [5]. The relevance of a lower elongation of the AMC
materials depends on the specific application. Achieved improvements of fatigue behavior (Section 3)
can also be a potential. However, further investigations on this are necessary. If potentials of improved
properties dominate and are perceived by the users, users can be expected to accept higher costs of
AMCs and, therefore, higher prices of aircraft components. Section 5 demonstrates calculations of
relevant monetary effects.

Analysis and forecast of markets of aluminum alloys and competing materials has to find out
which companies act in the markets and how can the competition situation be characterized from
the perspective of material manufacturers, aircraft component manufacturers, aircraft manufacturers,
and airlines. For this, instruments such as industry analysis, competitor analysis, market structure
analysis, techniques for determination of market attractiveness in portfolio analyses, quantitative
forecast methods, and, again, instruments of market research are usable [5,26]. A popular instrument
for analyzing the competition in an industry is Porter’s Five Forces Framework [26]. Here, only some
selected, particularly relevant “forces” of the competition are shortly characterized [5]:
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• The market potential of the innovative AMC materials can be derived from the potential of the
aircraft market. In the year 2016, the biggest aircraft manufacturers Boeing and Airbus delivered
in sum 1436 airplanes (1397 in 2015) and achieved sales revenues of €66.6 billion (Airbus) and
$94.6 billion (Boeing) [27–30]. Regarding aviation, for example in Germany, a compound annual
sales growth rate of 0.9% can be expected for the period 2016–2021 [31]. This implies a large
and stable demand of aircrafts, aircraft components, and materials for manufacturing these
components. Because of their small number, the bargaining power of the aircraft manufacturers,
which are potential buyers of the components and materials, tends to be high.

• Accordingly, the aircraft industry seems to be attractive market for potential entrants. At the
same time, intensity of competitive rivalry is relatively high and the long development cycles
and cost-intensive activities of research and development constitute significant barriers to entry
especially for small- and medium-sized companies. Development and introduction of new
materials and manufacturing processes into the aircraft industry might need decades. High safety
standards have to be considered and are monitored by government agencies. In Europe,
for example, the European Aviation Safety Agency (EASA) is responsible for certification of
airworthiness of civil aircrafts [32,33].

• Manufacturers of competing or substitute materials or companies which are able to produce
and supply AMCs can be identified by means of databases, Internet platforms [34], or classified
directories. The bargaining power of these companies, as well as of suppliers of ingredients might be
very different, depending on the specificity of the material, and has to be verified.

• The identification as well as comparative analyses of relevant substitute materials is advisable
already during the technology analysis and forecast. The findings have to be reflected against
the requirements of the users of the materials and should be incorporated in the market analysis
and forecast. Major aircraft materials, in addition to aluminum, are, as mentioned, steel, titanium,
and composites, such as carbon fiber reinforced plastic, competing with each other, depending
on the application. (Polymer matrix) composite materials, such as carbon fiber composites, tend
to replace aluminum and other metal materials in the aircraft industry (for example, as the
Boeing 787 shows) due to higher strength and stiffness and a lower weight [22,32,35]. However,
disadvantages of these composites are especially high material and manufacturing costs, but also
further shortcomings such as a lower reparability and recyclability [23,36]. Furthermore, due to
achieved weight-reductions and improved material properties some opposite trends such as the
usage of aluminum-lithium alloys exist [22,23]. Additionally, metal matrix composites (including
particle-reinforced AMCs) are recognized as promising materials [37,38].

Results of technology analysis and forecast (properties of powder-metallurgically produced
AMCs) as well as user and market analysis and forecast (especially requirements of high strength and
low weight; high market potential in aircraft industries) are a base for technology appraisal.

5. Technology Appraisal

Technology appraisal is intended to evaluate the commercial potential of a new technology
such as powder-metallurgically produced AMCs in an early stage. The commercial potential can be
understood as the expected extent of achieving sustainable profits (defined as difference of long-term
revenues and costs) [3,5,39]. Information regarding the commercial potential can be a base for material
and technology selection, for directing research activities towards specific application fields and design
alternatives, and for decisions about the continuation or stop of research activities.

Technology appraisal comprises two steps: non-monetary and monetary appraisal of economic
effects of development, manufacturing, and usage of a new technology. Non-monetary appraisal is
applicable for preselection of promising technologies which have to be analyzed in greater detail and
monetarily evaluated in the second step. Considering this, efforts of data collection can be limited.
For non-monetary appraisal, criteria of the resource-based view of strategic management should be
considered. According to this approach, resources have to be valuable, rare, costly to imitate, as well
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as not substitutable, and exploited by the organization for achieving sustained competitive advantages
and above-average profits in markets [5,40,41]. Powder-metallurgically produced AMCs basically
seem to be suitable for achieving these advantages. The results of the technology analysis (Section 3)
show considerable assets of the powder-metallurgically produced AMCs compared to the reference
materials. In combination with further properties (e.g., machinability [42], low or moderate costs,
recyclability), the material potentially features a certain uniqueness and rarity, and a specific value for
users might be gained from this. The powder-metallurgically produced AMCs are costly to imitate by
competitors of a company when the explored knowledge regarding the materials and their processing
is specific (which is supposed here). Furthermore, it seems to be conceivable that the imitability of
the knowledge can be restricted by patents or exclusive contracts with users. However, the market
characterizations (Section 4) outline a substitutability of materials in the aircraft industry. Whether
powder-metallurgically produced AMCs could be substituted or not strongly depends on the further
developments in materials research regarding AMCs themselves, as well as competing materials, such
as carbon fiber composites. Currently, AMCs are investigated by institutes and companies and there
are some positive trends of their use [37,38,43]. Finally, a company’s ability to exploit the resources
(the AMC materials as well as the specific material- and process-related knowledge) depends on its
own costs/payments for the implementation of the innovation, the market volume, the attainable
market share and price, as well as the existence of material applications which allow for large industrial
scales and experience effects. It is difficult to assess as the following monetary appraisal also indicates.
Overall, however, the strategic oriented non-monetary appraisal draws a relatively positive picture of
powder-metallurgically produced AMCs’ potential of gaining competitive advantages [5].

The monetary appraisal has to refer to the costs and revenues (or the corresponding payments) caused
by a new technology in its entire life cycle consisting of phases, such as development, manufacturing,
usage, and recycling. However, for comparing commercial potentials of powder-metallurgically produced
AMCs and reference materials, it is sufficient to evaluate expected differences in costs and revenues
which are relevant for decisions about the technologies. Due to a limited data base of relevant
development and manufacturing costs, following considerations focus on monetary effects of improved
material properties and, therefore, on their (additional) monetary benefit (for an user like an airline
which might be willing to pay higher prices for aircrafts and their components). An additional
monetary benefit (of usage) can be interpreted as an upper limit for higher costs of development and
manufacturing of powder-metallurgically produced AMCs.

For monetary appraisal, a long-term, multiperiod perspective and the usage of dynamic
methods of investment appraisal that consider time value of money have to be recommended. Here,
the net present value-method is chosen [11,44] for calculating (the positive) monetary effects of
weight-reduction. As outlined before, it can be assumed that an increase of 50% in yield strength
enables savings in material quantities of approx. 50% and, thus, weight reductions of the same
ratio [5,25]. It can be stated that the improved yield strength of the material allows for achieving other
user requirements regarding quality (e.g., stability and durability) of a specific aircraft component
with a reduced material thickness [25]. In the following, calculations of monetary effects of weight
reduction will be demonstrated. Afterwards, some constraints will be outlined.

The two addressed (alternative) effects of weight reduction (of materials, components and, finally,
aircrafts) in the usage phase are (i) revenue effects because of higher payloads, and (ii) fuel and
corresponding cost-saving effects when payload is the same [45]. Calculations are demonstrated by
taking a Boeing 747–400 as an example [5]. This model of aircraft consists of, amongst others, 66,150 kg
aluminum [46]. Assuming that 25% of this material can be substituted by the innovative AMCs with
50% less weight, a weight reduction of 8268.75 kg can be achieved. For calculating revenue effects of
higher payloads, for civil aircraft industry, the monetary benefit of 1 kg weight saving is estimated
as €($)100–500 for the time of material usage [35,47]. In sum, monetary benefit for the whole aircraft
amounts to €826,875 (8268.75 kg·€100/kg) up to €4,134,375 (=8268.75 kg·€500/kg). These amounts can
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be interpreted as net present values if the monetary benefit refers to the entire life cycle of the aircraft
(approx. 20–30 years) [48].

Alternatively, fuel and corresponding cost-saving effects can be calculated based on the following data:

• estimated fuel saving [49]:
airplane (short distance): 117–134 kg kerosene p.a. per kg weight reduction
airplane (long distance): 172–212 kg kerosene p.a. per kg weight reduction

• 1 kg kerosene = approx. 1.25 L kerosene (density: approx. 0.75–0.84 kg/L [50])
• price of kerosene: €1.50 per gallon/€0.40 per liter (1 gallon = 3.78541 L) [51]

Assuming an average fuel saving of 150 kg kerosene p.a. per kg weight reduction, fuel saving
per year amounts to 1,240,312.50 kg (approx. 1,550,390.625 L) of kerosene (=150 kg/kg·8268.75 kg).
It results in a cost-saving effect of €620,156.25 p.a. If the life cycle of the aircraft (and its components)
spans 20 years, the monetary benefit for an airline company can be calculated as a net present value
(using a discount rate of 4% based on a ‘weighted average cost of capital’ with typical capital structures
and interest ratios) [44]:

620, 156.25 × 1.0420 − 1
1.0420 × 0.04

= 8, 428, 125.82

This amount (as well as the alternatively calculated values of €826,875–€4,134,375) represents the
monetary benefit of weight reduction and can be interpreted as an upper limit for costs of weight
reduction (especially additional costs of development and manufacturing of powder-metallurgically
produced AMCs compared to development and manufacturing costs of hitherto applied materials).
If the monetary benefit exceeds the costs of weight reduction, an airline company would prefer to
buy an aircraft with AMC components and would be willing to pay an additional price of max.
€8,428,125.82 (average price of a Boeing 747-8 as of January 2018 was about $402.9 million [52]).
This calculation implies a price of approx. €1019 (=€8,428,125.82/8268.75 kg) per kg weight reduction
(which exceeds the above mentioned range of €($)100–500). It could be derived that the price of 1 kg
AMC can be higher by this amount than 2 kg of a hitherto used conventional material. However,
it has to be considered that this value includes not only material costs (which are much lower for
commercial AMCs) but all switching costs caused by the substitution of the material, such as the costs
of development or re-design of components, manufacturing processes, and additional manufacturing
costs in the entire value chain (consisting of material manufacturer, aircraft component manufacturer(s),
and aircraft manufacturer).

The calculations are faced by some constraints. They are based on uncertain data. Calculated
values can change considerably depending on changing assumptions regarding fuel price, discount
rate, aircraft life cycle, and flight distance during aircraft life [35,45]. For considering data uncertainty,
especially the determination of factors with a strong influence on results, as well as critical values of
influencing factors, sensitivity analyses can be conducted [44]. Furthermore, the monetary effects of
weight reduction in the phases of development and manufacturing of AMC-components are neglected
and only addressed here by the considerations regarding the upper limit for costs of weight reduction;
they should be elaborated and analyzed in detail [42]. For example, monetary consequences of a
changed geometry of components for aircraft construction could be considered as additional costs of
the development and manufacturing phase. Additionally, a reduced material cross-section because of
the higher yield strength potentially causes lower material quantities which are needed for producing
a specific number of aircraft components [25]. Resulting cost-saving effects regarding the material
costs should also be addressed by further analyses.

6. Conclusions

In this paper, the concept of an integrated technology, user, and market analysis and forecast has
been presented and applied to the case of particle-reinforced aluminum matrix composites (AMCs)
and their usage for manufacturing aircraft components. One the one hand, the results show the

180



Metals 2018, 8, 143

technological as well as economic potential of this innovative material. On the other hand, the
principal applicability of the concept in early life cycle stages as well as its basic advantage—the
“merging” of technological and economic analyses and forecasts—has been demonstrated.

However, there is considerable need for further research and development activities and results:
Concerning the technological perspective, the degree of maturity of particle-reinforced aluminum
matrix composites (AMCs), and the corresponding manufacturing processes has to be enhanced
enabling the transfer into the industrial context. In parallel, especially the economic elements of an
integrated technology, user, and market analysis and forecast have to be extended and refined in order
to show a more complete picture of the economic potential of AMCs. Finally, the instrument of an
integrated technology, user, and market analysis and forecast, itself, has to be further elaborated (e.g.,
by including more single analyzing and forecasting techniques), applied to further cases, and validated.
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