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Effect of Cooling Rate on the Microstructure Evolution and
Mechanical Properties of Iron-Rich Al–Si Alloy

Xiao Shen 1, Shuiqing Liu 1,2,*, Xin Wang 3,*, Chunxiang Cui 3, Pan Gong 4, Lichen Zhao 3, Xu Han 1,2 and Zirui Li 1

1 School of Mechanical Engineering, Hebei University of Technology, Tianjin 300401, China;
sx961216@163.com (X.S.); xhan@hebut.edu.cn (X.H.); lizirui@gmail.com (Z.L.)

2 State Key Laboratory for Reliability and Intelligence of Electrical Equipment, School of Materials Science and
Engineering, Hebei University of Technology, Tianjin 300401, China

3 Key Laboratory for New Type of Functional Materials in Hebei Province, School of Materials Science and
Engineering, Hebei University of Technology, Tianjin 300401, China; hutcui@hebut.edu.cn (C.C.);
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4 State Key Laboratory of Materials Processing and Die & Mould Technology, School of Materials Science and
Engineering, Huazhong University of Science and Technology, Wuhan 430074, China; pangong@hust.edu.cn

* Correspondence: sqliu@hebut.edu.cn (S.L.); ahaxin@hebut.edu.cn (X.W.)

Abstract: The mechanical properties of iron-rich Al–Si alloy is limited by the existence of plenty of
the iron-rich phase (β-Al5FeSi), whose unfavorable morphology not only splits the matrix but also
causes both stress concentration and interface mismatch with the Al matrix. The effect of the cooling
rate on the tensile properties of Fe-rich Al–Si alloy was studied by the melt spinning method at
different rotating speeds. At the traditional casting cooling rate of ~10 K/s, the size of the needle-like
β-Al5FeSi phase is about 80 μm. In contrast, the size of the β-Al5FeSi phase is reduced to 500 nm
and the morphology changes to a granular morphology with the high cooling rate of ~104 K/s. With
the increase of the cooling rate, the morphology of the β-Al5FeSi phase is optimized, meanwhile the
tensile properties of Fe-rich Al–Si alloy are greatly improved. The improved tensile properties of the
Fe-rich Al-Si alloy is attributed to the combination of Fe-rich reinforced particles and the granular
silicon phase provided by the high cooling rate of the melt spinning method.

Keywords: Fe-rich Al–Si alloy; β-Al5FeSi phase; cooling rate; melt spinning; microstructure;
strengthening mechanisms

1. Introduction

Recycled aluminum is obtained through the recycling of waste aluminum products.
The production energy consumption is only 3% to 5% of the energy consumption of primary
aluminum [1]. It has obvious advantages in energy saving and emission reduction, thus
it has become one of the research hotspots in the field of lightweight structural materials.
Iron is considered to be the most harmful impurity element in recycled aluminum. The
main reason is that the solid solubility of iron in cast aluminum–silicon alloy is low (only
0.05 wt.%) and a variety of iron-rich intermetallics can be formed during solidification, such
as α-AlFeSi, β-Al5FeSi, π-Al8Mg3FeSi6, and δ-Al4FeSi2. Among them, β-Al5FeSi is long
and needle-like on the two-dimensional optical micrographs and the three-dimensional
space is a lath structure [2–4].

The size and morphology of the secondary phase are the key factors affecting the
properties of the alloy. The needle-like β-Al5FeSi phase is easy to cause stress concentration
and split the matrix, which is unfavorable to the mechanical properties of recycled alu-
minum [5,6]. In addition, excessive iron content will lead to poor melt fluidity and reduce
casting quality [7]. Therefore, many researchers are working to modify the morphology of
β-Al5FeSi phases, such as by adding the alloying elements Mn, Nb, Co, Sc, Er, etc. [8–12].
In addition, increasing the melt superheat and heat treatment are also effective ways to

Materials 2022, 15, 411. https://doi.org/10.3390/ma15020411 https://www.mdpi.com/journal/materials
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improve the morphology of the iron-rich phase. In our previous work, it was found that the
combination addition of Mg and La elements can promote the transition from β-Al5FeSi
to the script-like π-Al8Mg3FeSi6 phase, resulting in a 65% increase in the yield strength of
Al–Si–Mg–Fe alloy [13]. However, the addition of the above elements only changes the
morphology of the iron-rich phase, brings some technical problems, and further increases
the difficulty of the secondary resource recovery of Al–Si alloys. Therefore, it is a key issue
to develop high performance Al–Si alloys with a high Fe content.

Increasing the cooling rate is an effective way to change the morphology of an in-
termetallic. Melt spinning is a typical rapid solidification method which is used in the
preparation of inoculants due to its chemical uniformity and large solid solubility [14–16].
Additionally, the microstructure evolution has been reported to be dependent on the cool-
ing rate and Fe content in the Al–Si alloy [17,18]. The cooling rates range from 1 to 10 K/s
in traditional mold casting to 10 K/s–100 K/s in high-pressure die casting. It can be seen
that the morphology control of the cooling rate on the β-Al5FeSi phase is generally lim-
ited to the sub-rapid solidification (cooling rates < 103 K/s) condition and there is a need
to explore the microstructure under the rapid solidification condition with cooling rates
higher than 103 K/s. Moreover, although some studies have analyzed the growth behavior
and morphology of the needle-like β-Al5FeSi phases in specific recycled Al–Si alloy, a
systematic way to understand the formation or suppression of the needle-like phase is
not available.

In this work, we achieve different cooling rates by adjusting the speed of the copper
roller during melt spinning. Through in-depth analysis of the phase microstructure mor-
phology of β-Al5FeSi under different cooling rates, the solidification path and formation
conditions are discussed. Meanwhile, the effect of the cooling rates on the microstructure
and tensile properties using the rapid solidification technology is further investigated.

2. Materials and Methods

The Al-10Si-1.5Fe (all compositions cited in this work are in wt.%) alloy investigated
in this work was prepared from the as-cast ingots of commercial Al-12Si and Al-20Fe
alloys, and its chemical composition is shown in Table 1. The raw and processed materials
were melted in a vacuum arc furnace under an argon atmosphere. For a low cooling
rate sample, the ingots were remelted by the induction smelting method, during which
it was poured into the preheated 200 ◦C steel mold with a cavity diameter of 20 mm and
a height of 120 mm, which was denoted as the C1 alloy. For high cooling rate samples,
secondary melting of intermediate alloy was carried out in a high-frequency induction
smelting furnace and blown on a copper roller with a diameter of 22 cm and rotating speed
of both 2000 rpm and 4000 rpm to produce Al-10Si-1.5Fe ribbons (abbreviated as C2 and
C3 alloy, respectively). According to the results of the previous studies [19–23], the cooling
rates were calculated as 6.7 × 102 K/s, 2.4 × 104 K/s, respectively.

Table 1. Composition of the experimental alloy.

Element Al Si Fe Mg Cu Zn

Content Balance 9.96 1.52 0.33 0.09 0.07

The specimens were cut from the middle of the casting rod and the spun ribbon for
metallographic examination, and then were carefully ground by sandpaper in ethanol
as well as dried with air. After mechanical polishing, the specimens were corroded by
Poulton’s reagent and observed by optical microscope. The microstructure of the samples
was etched with 0.5% vol. HF solution before scanning electron microscope (SEM, Hitachi,
Tokyo, Japan) observation. The chemical composition of the phases in the prepared alloys
were examined by energy dispersive spectroscopy (EDS, Hitachi, Tokyo, Japan), which
was performed on at least 3 parts of the phases. The tensile tests for the as-cast rods were
carried out at a constant strain rate of 5 × 10−4 s−1 and loaded parallel to the axis of the
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specimens following standard ASTM B209. Based on the same experimental scheme, the
C2 and C3 ribbon samples were tensile-tested with a width of 2 mm and length of 120 mm.
Three tests were conducted for each sample condition. The samples were characterized
by Bruker D8 Discover X-ray diffraction (XRD, Bruker AXS, Karlsruhe, Germany), Cu Ka
radiation, the S4800 scanning electron microscope (SEM, TESCAN, Czech Republic), Nova
Nano SEM450 (SEM, FEI Company, Portland, America) and the optical microscope (OM,
Olympus, Jiang dong ou yi testing instrument, Ningbo, China).

3. Results and Discussion

Figure 1 shows the typical XRD spectra of Al-10Si-1.5Fe alloys with different cooling
rates. It can be seen that at the cooling rate of ~30 K/s, the C1 alloy had three groups of
sharp diffraction peaks corresponding to Al, Si, and β-Al5FeSi phases, respectively. It is
clear that the δ-Al3FeSi2 phase appeared in the C2 alloy with the cooling rate increase to
6.7 × 102 K/s. It is noteworthy that the iron-rich phase disappeared in the matrix as the
cooling rate continued to increase to 2.4 × 104 K/s.

Figure 1. (a) XRD spectra of the C1, C2, and C3 alloys. (b) Shows the partially amplified spectra of (a).

Figure 2 shows the metallography of Al–Si–Fe alloy with different cooling rates. A
large number of needle-like phases about 80 μm in length and the acicular-like phase
existed in the aluminum matrix. Take the XRD spectra into consideration; they are β-
Al5FeSi phase and eutectic Si phase, respectively. It can be seen that the β-Al5FeSi phase
was randomly distributed among the dendrites, as shown in Figure 2a, and its unfavorable
morphology is particularly unfavorable to the strength and ductility of the matrix. It is
noteworthy that the morphology of the Fe-rich phase in C2 changed significantly, that is,
from needle-like to short rod-like with a length of 10 μm with the increase of the cooling
rate to ~102 K/s. In addition, increasing the cooling rate not only changes the morphology
of the Fe-rich phase but also the eutectic Si phases transformed from coarse acicular-like to
fine particle-like in the C2 alloy. As the cooling rate increased to ~104 K/s, the needle-like or
fibrous phases were no longer visible in the field of view and a large number of dispersed
particles were replaced, as shown in Figure 2e,f. Compared with the C1 and C2 alloy, the
phases distributed in the C3 alloy matrix were more uniform and dispersed.
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Figure 2. (a,c,e) are optical micrographs of C1, C2, and C3 alloy. (b,d,f) are optical micrographs
showing locally amplified spectra of (a,c,e), respectively.

Figure 3 shows the SEM images of Al-10Si-1.5Fe alloys at different cooling rates.
Figure 3a,c are the SEM images of the C1 and C2 samples, among which Figure 3b,d are
the local enlarged views of Figure 3a,c. In Figure 3a,b, the presence of long needle-like
phases and sharp morphology in the die casting sample is more clearly observed than in
Figure 3c–f. Combined with the EDS analysis in Figure 3e,f, the phase can be judged as
β-Al5FeSi. The comparison of Figure 3a,c show that the Fe-rich phase transformed from a
sharp long needle-like structure to a short rod-like morphology, wherein the distribution
state was more diffuse and there was almost no obvious interweaving connection. Figure 3d
clearly shows that the short rod-shaped phase in the C2 alloy with the cooling rate of
6.7 × 102 K/s was a fishbone-like shape, which can be determined as the δ-Al3FeSi2 phase.
The fishbone-like morphology phase had little effect on the fracture of the Al matrix, thus
the mechanical properties of the matrix will be improved accordingly. Based on the above
analysis, the increase in the cooling rate does have a regulatory effect on the morphology
of the Fe-rich phase in the aluminum alloy.
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Figure 3. SEM images of the (a,b) C1 alloy and (c,d) C2 alloy. (e,f) are the EDS results of the
(b,d) corresponding areas.

Figure 4 reveals the SEM images of the C3 alloy with the cooling rate of 2.4 × 104 K/s.
It can be seen that two kinds of particles with different brightness were distributed in the
matrix and the particle size ranged from 200 nm to 500 nm. From the EDS inset in Figure 4b,
it can be seen that the content of iron in this region was about 1 wt.%, which is lower than
the nominal composition of the Al–Si–Fe alloy. The cooling rate can obviously change the
morphology of iron-rich phase because at a high cooling rate, Fe does not have enough
time to precipitate in the form of the intermetallic phase. Instead, Fe is trapped in the Al
matrix to form a supersaturated solid solution. In order to clearly describe the change of the
Fe-rich phase size with the cooling rate, the particle length and width statistical distribution
of the three alloys is shown in Figure 5. It can be seen that with the increase of the cooling
rate, the length of the Fe-rich phase decreased sharply and the length and width tended
to be consistent, which tends to form spherical particles. The change is beneficial to the
improvement of the tensile properties of the Fe-rich Al alloy.
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Figure 4. (a) SEM images of the C3 alloy. (b) is the magnification of the region in (a), while the inset
is the EDS results of the region in (a).

Figure 5. Statistical distribution of the length of Fe-rich phase of the (a) C1, (b) C2, and (c) C3 alloys,
(d,e,f) are the statistical distribution of the width of Fe-rich phase of the C1, C2 and C3 alloys, respectively.

Figure 6 reveals the Differential Thermal Analysis (DTA)curves of the alloy at different
cooling rates, where the peak of the DTA curve represents the eutectic temperature of the
alloy. As the cooling rate increased, the eutectic temperature gradually decreased from
577.2 ◦C to 571.7 ◦C. According to the binary phase diagram of Al–Si alloy, the eutectic zone
moves towards the non-metallic phase under the non-equilibrium solidification condition.
The growth morphology of the silicon phase is not only restricted by the concentration
distribution of the silicon atom at the growth interface but also is affected by the growth
rate of α-Al. When the cooling rate is high, the α-Al phase is the first to nucleate and
grow during solidification, and silicon atoms are disposed to the front of the solid–liquid
interface, which increases the concentration of the silicon element in liquid phase. At this
time, the silicon phase changes its growth direction in staggered or twin mode. It can be
seen that from the C2 and C3 alloys, they had a subtle derivative curve peak in the eutectic
region corresponding to the formation of the δ-Al3FeSi2 phase. That is, an increase in the
cooling rate can promote the precipitate of the fishbone-like δ-Al3FeSi2 phase to replace the
harmful β-Al5FeSi phase.
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Figure 6. (a–c) DTA thermograph of C1 alloy, C2 alloy, and C3 alloy, respectively.

Figure 7 shows the tensile properties of the alloys with different cooling rates. As the
cooling rates increased, the tensile strength and elongation of the alloys were significantly
improved, as shown in Figure 7a. The quality index Q can be expressed as follows [24]:

Q = UTS(MPa) + 150 × log(%EI) (1)

Figure 7. (a) Tensile properties of the alloys with different cooling rates. (b) The quality index Q of
the three alloys.

Mass coefficient Q includes both tensile strength (UTS) and elongation after fracture
(EI), which is a more widely used and reliable parameter in engineering applications. As can
be seen from Figure 7, there was no significant difference between the tensile properties of
the C2 alloy and the as-cast C1 alloy, which is consistent with the results of Figures 2 and 3.
The morphology of the needle-like β-phase did not change completely at the moderate
cooling rate but the aspect ratio decreased. However, the tensile properties of the C3 alloy
with the high cooling rate are obviously improved compared with those of the C1 alloy and
C2 alloy. It is mainly attributed to the transformation of the coarse needle-like β-phase into
the δ-Al3FeSi2 granular phase. In addition, the quality index of the C3 alloy is obviously
higher than those of the other two alloys. The other main reason is that the acicular eutectic
silicon phase transforms into fine fibers, which significantly reduces the stress concentration
around the acicular silicon phase during the tensile process. As the cooling rates increased,
this remarkably reduced the aspect ratio of the silicon phase. Overall, the strengthening
mechanism is considered to be associated with the morphology change of the needle-like
β-phase and with the decrease in aspect ratio of the eutectic silicon phase. The optimization
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of the phase morphology can significantly reduce the stress concentration and improve the
load transfer capacity so as to inhibit the initiation and propagation of cracks during the
tensile process [25–27].

In order to better understand the failure mechanism of the alloy at different cooling
rates, fracture studies were carried out on each tensile fracture sample. Figure 8a,c show
the cleavage mode of the fracture with evidence of many brittle cleavage planes separated
by tearing ridges. It can be observed in the high-magnification SEM fractography of
Figure 8a,c that coarse secondary phases caused the initiation and fast propagation of
cracks. This can be responsible for the low elongation value of the alloys. The plastic
deformation of α-Al grains are inhibited because the dislocation cannot pass through the
β phase by the shear or bypass mechanism [28,29]. As a result, dislocations continue
to accumulate at the interface between the β-phase and aluminum matrix and result in
severe stress concentrations, which lead to a higher tendency of brittle fractures. The
existence of these cleavage planes indicates that these alloys exhibit brittle fracture and
need sufficient modification for practical applications. It is worth noting that the fracture
mode of the C3 alloy was different from that of the C1 and C2 alloys, and a large number
of dimples appeared on the fracture surface, as shown in Figure 8e,f. The ductile fracture
was determined by the size of the dimples, meaning that more homogenous and deeper
dimples produce a higher ductility of the alloys. The existence of deep and conical dimples
in the C3 alloy shows the higher ductility, which is consistent with the results shown in
Figure 7. The realization of better mechanical properties is attributed to the combined effect
of the harmful morphology of the β phase and to the spheroidization of the silicon phase.

Figure 8. Fracture surface of the alloys with different cooling rates: (a,c,e) represent C1, C2, and C3
alloy, respectively. (b,d,f) are the enlarged images of the corresponding areas.
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4. Conclusions

(1) The morphology of the Fe-rich phase in Al–Si alloy is greatly affected by the cooling
rate. The needle-like β-Al5FeSi phase had the size of ~80 μm at the conventional casting
cooling rate. As the cooling rate increases to ~102 K/s, the needle-like β-phase changes
into the fishbone-like δ-Al3FeSi2 phase. At a high cooling rate of ~104 K/s, the size of the
β-Al5FeSi phase decreases to ~500 nm and the morphology changes to a granular form.

(2) The change of cooling rate reduces the eutectic temperature of Fe-rich Al–Si alloy
and promotes the phase transformation of eutectic silicon. The DTA analysis results showed
that the increase in the cooling rate contributes to forming the fishbone-like δ-Al3FeSi2
phase and plays an important role in modifying the structure of the eutectic Si.

(3) The platelet-like β phase is indeed the initiation point of the crack, which can
be confirmed by the fracture morphology analysis. In addition, the platelet-like β-phase
accelerates crack propagation. On the contrary, the fine Fe-rich particles are relatively
helpful to improve the tensile strength and elongation.

(4) The melt spinning method transforms the brittle failure of Fe-rich Al–Si alloy into
ductile failure, which is of great significance to the recovery and reuse of Fe-rich Al–Si alloy
and has broad industrial application prospects.
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Abstract: A Zn-3Mg-1Ti alloy was fabricated by ultrasonic treatment of Zn-Mg alloy melt using a Ti
ultrasonic radiation rod. The microstructure, phase structure, mechanical properties, degradation
property, and in vitro cytotoxicity were investigated systematically. The obtained Zn-3Mg-1Ti alloy
is composed of the Zn, Mg2Zn11, and TiZn16. Owing to the grain refinement and second phase
reinforcement, the mechanical properties of Zn-3Mg-1Ti alloy is improved. In addition, the Zn-3Mg-
1Ti alloy exhibits minimal cytotoxicity compared to pure Zn and Zn-1Ti alloy. Electrochemical tests
show that the Zn-3Mg-1Ti alloy has an appropriate degradation rate in Hank’s solution.

Keywords: Zn-Mg-Ti alloy; biodegradable metals; mechanical properties; cytotoxicity

1. Introduction

Biodegradable metal implants have gained much attention owing to their good me-
chanical properties, excellent biocompatibility, and degradability [1]. After completing the
purpose of repair and treatment, it can be completely dissolved in the human body, avoid-
ing injury to the patient from a second operation [2,3]. Recently, biodegradable metals such
as Mg, Fe, and Zn have been increasingly accepted as implant materials [4–11]. However,
Fe-based alloys and Mg-based alloys have not been able to solve the problem of too slow
and too rapid degradation. Among the three candidate metals, Zn and Zn-based alloys
have drawn increasing concern due to their moderate degradation rate [12–14]. Zinc is an
essential nutrient element that participates in the metabolic processes of the human body
and is also a constituent element of a variety of enzymes [13–15]. Zn affects the regulation of
taste, vision immune function, sexual function, and plays a crucial role in protein synthesis,
deoxyribonucleic acid synthesis. In addition, Zn can also induce Ca-P deposition, stimulate
bone formation, growth, and mineralization. [16–20]. As a biodegradable material with
good biocompatibility and an acceptable degradation rate, pure zinc has been intensively
investigated by researchers. However, its poor mechanical properties severely limit its
application [14,15]. As we all know, alloying can usually improve mechanical properties.
Up to now, more than ten kinds of Zn alloy systems have been developed for biomedical
applications. Considering biocompatibility, most biomedical zinc alloys contain nutrient
elements [21]. For example, Mg [22], Sr [22], Ca [22], Cu [23], Mn [24], Ag [25], Fe [26], and
Li [27]. Considering the biocompatibility and mechanical properties, Mg is the preferred
alloying element. Mg is an indispensable trace element in the normal life activities and
metabolic processes of the human body, and participates in various metabolic activities
of the human body, including the formation of bone cells, activation of various enzymes,
and protein synthesis [28,29]. So far, many Zn-Mg alloys have been reported, such as Zn-
0.8Mg [30], Zn-1Mg [22], Zn-1.2Mg [31], Zn-1.6Mg [32], Zn-3Mg [33], Zn-0.8Li-0.4Mg [34],
Zn-1Mg-0.5Ca [35], Zn-3Cu-1Mg [36] alloys. The results show that the Zn-Mg alloy can
improve mechanical properties and biocompatibility, but has little effect on the corrosion
properties. In particular, the Zn-3Mg alloy has excellent biocompatibility [33]. In addition,
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Ti and some of its alloys are widely used as implant materials in vivo due to their excellent
biocompatibility and mechanical properties [37]. Zn-Ti alloy can improve the mechanical
properties and biocompatibility, and promote the degradation of the alloy [38,39]. To date,
no researchers have systematically investigated Zn-Mg-Ti alloys. In addition, the ultrasonic
treatment process can effectively refine the grains and improve the mechanical properties
of the alloy [40].

This paper aims to prepare a Zn-Mg-Ti alloy by ultrasonic treatment with a Ti ul-
trasonic radiation rod, and the microstructure, phase structure, mechanical properties,
degradation property, and cytotoxicity were systematically investigated.

2. Materials and Methods

2.1. Alloy Preparation

Commercially pure zinc (purity, 99.995%) and pure magnesium (purity, 99.995%)
ingots were used as raw materials. A pure titanium rod with a diameter of 30 mm and a
length of 130 mm was used as the ultrasonic radiation rod. The ultrasonic radiation rod was
first preheated in pure zinc melt (660 ◦C) for 60 s. At the same time, a certain amount of Mg
was dissolved in another zinc melt (600 ◦C) and 99.999% argon was used as a protective gas
to prevent oxidation. The Zn-Mg melt was next ultrasonically treated for 60 s at a frequency
of about 19,000 Hz. After ultrasonic processing, the melt was poured into a steel mold
(ϕ20 mm) to obtain a Zn-Mg-Ti alloy. For comparison, pure zinc melt (600 ◦C) was also
ultrasonically treated to obtain a Zn-Ti alloy. The actual chemical compositions of the zinc
alloys determined by X-ray fluorescence spectrometer (XRF, ZSX Primus 2) are given in
Table 1. Hereafter, the obtained Zn-Mg-Ti alloy is designated as Zn-3Mg-1Ti, the obtained
Zn-Ti alloy is designated as Zn-1Ti.

Table 1. Chemical compositions of the specimens.

Specimens Mg (wt.%) Ti (wt.%) Zn (wt.%)

Zn-1Ti 0 1.01 Bal.
Zn-3Mg-1Ti 3.03 0.94 Bal.

2.2. Microstructure and Phase Characterization

The microstructure and morphology of the specimens were characterized by using
an optical microscope (Zeiss AxioCam ICc5, Jena, Germany) and a scanning electron
microscope (SEM, S-4800, Hitachi Ltd., Tokyo, Japan) with an EDAX energy dispersive
spectrometer (EDS). Phase structures of alloys were determined by X-ray diffraction (XRD,
Bruker D8 Discover, Rheinstetten, Germany, 6◦/min) using Cu Kα radiation. The high-
resolution transmission electron microscopy (HRTEM) images of the specimens were
obtained by transmission electron microscopy (TEM, Titan Themis G2, The Thermo Fisher
Scientific, Waltham, MA, USA). The high-angle annular dark-field scanning transmission
electron microscopy (HAADF-STEM) images of the specimens were obtained by spherical
aberration correction scanning transmission electron microscope (ac-STEM, FEI-Tecnil-
Talos-F200, The Thermo Fisher Scientific). Overall TEM foil specimens were treated by a
FIB-SEM crossbeam workstation (Helios Nanolab 600i, The Thermo Fisher Scientific).

2.3. Mechanical Test

The mechanical property tests of the specimens include hardness test and compressive
test. The HMV-2T microhardness tester was used to test the Vickers hardness of the
specimens. The load applied for the test was 100 g, and the holding time was 15 s. Under
the same condition, each specimen was tested at least five times, and the average value
was taken as the microhardness (HV) of the specimen. The compression test was carried
out by using a WDW-300 universal tester with a crosshead speed of 1 mm/min at room
temperature. Cylindrical specimens 4 mm in diameter and 8 mm long prepared by wire
electrical discharge machining were used for compression tests. Since the compliance of the
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testing machine significantly affects the accuracy of the elastic modulus, the elastic moduli
of the specimens were not obtained by the stress-strain curves.

2.4. Electrochemical Test

The electrochemical test was carried out in Hank’s solution at 37 ◦C with an electro-
chemical workstation (CHI660E, Corrtest Instruments, Wuhan, China). A three-electrode
cell method was used for electrochemical measurements. The specimen with 1.0 cm2 ex-
posed area was used as working electrode, the reference electrode was a saturated calomel
electrode (SCE) and the counter electrode was a graphite rod. The pH value of Hank’s
solution [15] was adjusted to 7.4 with HCl solution and NaHCO3 solution. The open-circuit
potential was first measured in Hank’s solution for 2400 s to reach stability. Then, the
potentiodynamic polarization curve was determined at a scanning rate of 1.0 mV/s. The
corrosion current density (Icorr) was estimated by linear fit and Tafel extrapolation using
cathodic and anodic branches of the polarization curve. The corrosion rate of the specimen
was calculated as follows [23,24,41]:

CR = K
IcorrM

nρ
(1)

where CR is corrosion rate, K is 3.27 × 10−3 mm g μA−1 cm−1 yr−1, Icorr is the corrosion
current density in μA/cm2, M is the atomic mass fraction, n is the number of transfer
electron, ρ is the density of specimens.

2.5. Cytotoxicity Test

Mouse fibroblasts (L-929) were used to evaluate the cytotoxicity of the specimens. The
cytotoxicity test was conducted by an indirect contact method. First, the specimen was
immersed in a sterile Petri dish containing 75% absolute ethyl alcohol for 1 h with ultraviolet
lamp irradiation. After that, the specimen was air-dried under ultraviolet irradiation, and
leached in Roswell Park Memorial Institute (RPMI) 1640 culture solution at 37 ◦C for 24 h,
with the leaching ratio of 0.2 g/mL. Then, L929 cells in the logarithmic phase were digested
with 0.25% trypsin and blown into a single cell suspension. The cell concentration was
adjusted to approximately 2 × 104 mL−1 with RPMI 1640 medium containing 10% calf
serum, and 100 μL per well was inoculated into a 96-well plate. The plate was incubated
at 37 ◦C for 24 h in a 5% CO2 incubator. After the incubation, the supernatant in each
well was cleaned up, and 100 μL of extracts with concentrations of 100%, 50%, 25%, 12.5%,
and 6.25% were added to the specimen group, 5% or 10% dimethyl sulfoxide (DMSO)
solution was added to the positive control group, and fresh culture solution was added to
the cell control group. In, addition, the culture plates were cultured in 37 ◦C and 5% CO2
incubator for 1, 3, and 5 days, respectively. After the culture, 10 μL thiazole blue (MTT)
solution of 5 mg mL−1 was added to each well, and continued to incubate at 37 ◦C for 4
h. Then, 180 μL DMSO was added to each well after aspirating the supernatant. Finally,
the absorbance (OD) was measured at 570 nm with a microplate reader, the formula of cell
proliferation rate (RGR) is as follows [42,43]:

RGR =
ODspecimen

ODcontrol
× 100% (2)

3. Results

3.1. Microstructures and Phase Structures of the Alloys

The metallographic microstructure of the Zn-3Mg-1Ti alloy is shown in Figure 1a.
The optical micrograph exhibits that the alloy is mainly composed of laminar and rod-like
eutectic mixtures. In addition, some bulks are distributed in the eutectic structures. The
SEM images of the Zn-3Mg-1Ti alloy are shown in Figure 1b,c. It can be clearly seen that
the morphology of the alloy is basically the same as the result of the optical micrograph. In
addition, the eutectic structure has not only a layered structure, but also a rod-like structure.
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For comparison, the SEM image of the Zn-1Ti alloy is shown in Figure 1d. The grains
of α-Zn are separated by white discontinuous network precipitates. Compared with the
as-cast pure zinc, the alloy crystal grains are refined [24]. Similar to Zn-3Mg-1Ti alloy, some
blocks with regular shapes are embedded in the alloy. Combined with the EDS results
(Figure 1e,f), the eutectic structure is rich in Mg and the block-like phase is a Ti-rich phase.
Besides, the atomic ratio of Zn and Ti is approximately 16:1. According to the Zn-Mg
phase diagram [44], the Zn-Ti phase diagram [45], and the XRD pattern (Figure 2), it can be
concluded that the eutectic mixtures are composed of α-Zn and Mg2Zn11, the Ti-rich phase
may be TiZn16.

 

Figure 1. (a) Optical micrograph of the Zn-3Mg-1Ti alloy; (b,c) SEM images of Zn-3Mg-1Ti alloy; (d)
SEM image of Zn-1Ti alloy; (e,f) the EDS results of the area A and B in (b), respectively.

Figure 2. XRD pattern of Zn-3Mg-1Ti alloy.

To further investigate and qualitative analysis of the Ti-rich phase, the Zn-3Mg-1Ti
alloy was observed by TEM. The TEM image of the alloy is shown in Figure 3a. It can
be found that the image includes dark areas and bright areas. Figure 3b is the HRTEM
image of the specimen, and the image was further filtered by fast Fourier transform
(FFT). The FFT electron diffraction patterns of zone C and zone B as shown in Figure 3c,d,
respectively. The characterization results show that the HRTEM image contains Mg2Zn11
phase (zone A), TiZn16 phase (zone C), and the TiZn16/ Mg2Zn11 interface (zone B). In
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addition, the TiZn16 phase has an ideal interface matching with the Mg2Zn11 phase, which
is (330)TiZn16//(223)Mg2Zn11. The orientation relationship is a typical coherent interface.
It should be noted that some dislocations can also be observed in the interface (Figure 3e).

 

Figure 3. (a) TEM image of Zn-3Mg-1Ti alloy; (b) HRTEM image of the alloy; (c,d) FFT electron
diffraction patterns of zone C and zone B in (b), respectively; (e) IFFT image of zone B in (b).

Figure 4a,b are the HAADF-STEM images of Zn-3Mg-1Ti alloy. It can be clearly seen
that Figure 4a has no lattice distortion. According to the measured results, the interplanar
spacing of 2.11 Å and 2.31 Å corresponds to (313) and (043) planes of TiZn16 (65-2261),
respectively. The measured angle between (313) and (043) planes is approximately 68.6 ◦,
which is also consistent with the theoretical value. Figure 4b exhibits that the part lattices
of TiZn16 phase are strongly distorted.

15



Materials 2022, 15, 940

 

Figure 4. HAADF-STEM images of Zn-3Mg-1Ti alloy: (a) no lattice distortion; (b) lattice distortion.

3.2. Mechanical Properties of the Alloys

As we all know, the compressive strength (<22 MPa) and microhardness (41 HV)
of pure zinc are very low, which cannot meet the requirements of biodegradable im-
plants [15,23]. Figure 5a,b show the compression curves and microhardness histogram of
the specimens. It can be clearly seen that after ultrasonic treatment and alloying with Ti, the
compressive strength and microhardness of the Zn-1Ti alloy reach 265.1 MPa and 71.3 HV.
The Zn-3Mg-1Ti alloy reaches 625.1 MPa and 226.4 HV. The results show that Zn-3Mg-1Ti
alloy has more excellent compressive strength and microhardness. However, the plasticity
of the Zn-3Mg-1Ti alloy is poor. This may be related to the formation of the intermetallic
compound (Mg2Zn11) in the alloy.

Figure 5. (a) Compressive stress–strain curves of specimens; (b) microhardness of specimens.

3.3. Electrochemical Characterization of the Alloys

Figure 6 shows the potentiodynamic polarization curves of the specimens. The corro-
sion potentials (Ecorr), corrosion current densities (Icorr), and Tafel slopes (ba and bc) directly
derived from the polarization curves are listed in Table 2. The calculated polarization
resistance (Rp) and corrosion rate are also presented in Table 2. It can be seen that the
corrosion potential of Zn-3Mg-1Ti alloy is close to that of Zn-1Ti alloy, but lower than
that of pure Zn. However, the corrosion current density of the Zn-3Mg-1Ti alloy is lower
than the Zn-1Ti alloy and higher than the pure Zn. After calculation, the corrosion rate of
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the Zn-3Mg-1Ti alloy (78.5 μm/y) is higher than pure Zn (35.1 μm/y) and lower than the
Zn-1Ti alloy (145.9 μm/y).

Figure 6. Potentiodynamic polarization curves of the specimens.

Table 2. Electrochemical parameters of Zn-3Mg-1Ti, Zn-Ti alloy and pure Zn.

Specimens Ecorr/VSCE
Icorr

(μA/cm2)
ba

(mV/dec)
bc

(mV/dec)

Rp

(kΩ/cm2)

Corrosion
Rate(μm/y)

Zn −1.110 2.35 70.0 130.9 8.44 35.1
Zn-1Ti −1.131 9.77 79.4 178.4 2.44 145.9

Zn-3Mg-
1Ti −1.130 5.26 80.7 125.9 4.06 78.5

3.4. Cytotoxicity of the Alloys

Figure 7a–c shows the RGR of L-929 cells cultured in 6.25%, 12.5%, 25%, 50%, and
100% extracts of pure Zn, Zn-1Ti alloy and Zn-3Mg-1Ti alloy, respectively. The results
show that Zn-3Mg-1Ti alloy, Zn-1Ti alloy, and pure Zn cultured in 6.25%, 12.5%, 25%
extracts have good cell viability, and the cytotoxicity is basically non-toxic (cytotoxicity
grade 0). However, with the increase of cell extract culture concentration and culture time,
the RGR in pure Zn decreased dramatically and the cytotoxicity increased to severe toxicity
(cytotoxicity grade 3–4). After being cultured in 50% extracts for 5 days, the Zn-1Ti alloy
showed a slight decrease in cell activity (cytotoxicity grade 1–2), but when cultured in
100% extracts, the cytotoxicity increased significantly (cytotoxicity grade 4). Nevertheless,
after being cultured in 100% extract for 5 days, the cytotoxicity of the Zn-3Mg-1Ti alloy is
still slightly toxic (cytotoxicity grade 2). The results suggest that the biocompatibility of
Zn-3Mg-1Ti alloy is better than that of Zn-1Ti alloy and pure Zn. In addition, the measured
Zn2+ ion concentration in the extract of the Zn-3Mg-1Ti alloy is (3.1792 μg/mL), which is
the lowest among these specimens (Figure 7d).
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Figure 7. Cell viability after culturing with (a) pure Zn, (b) Zn-1Ti, (c) Zn-3Mg-1Ti extracts for 1, 3,
and 5 d; (d) Zn2+ ion concentration in the extract.

4. Discussion

4.1. Influence of Ultrasonic Treatment

After ultrasonic treatment, Ti element was introduced into the Zn and Zn-Mg melts by
diffusion. This can solve the problem that Zn alloy containing Ti is not easy to be prepared
because the melting point of Zn (419.53 ◦C) is too different from that of Ti (1668 ◦C). Besides,
ultrasonic treatment can not only introduce Ti element, but also reduce the casting defects
and specific gravity segregation [40,44]. Not only that, as shown in Figure 8, when the zinc
melt is ultrasonically processed, the sound waves propagating into the melt medium will
generate alternating high-pressure (compression) and low-pressure (rarefaction) cycles, and
the cavitation bubbles will undergo a series of dynamic processes of nucleation, growth,
and collapse. The tremendous energy and high-pressure shock wave generated by this
cavitation effect will break the primary crystals in the zinc alloy melt and increase the
number of heterogeneous crystal nuclei. These nucleation particles spread to all areas of
the melt driven by the sound flow, which greatly increases the probability of equiaxial
crystal nuclei in the melt [45–47].
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Figure 8. Schematic diagram of ultrasonic cavitation principle.

4.2. Microstructures and Mechanical Properties of the Alloys

According to the Zn-Ti phase diagram [45], when the melt temperature reaches
418.6 ◦C, the eutectic reaction of L → α − Zn + TiZn16 will occur in the melt. Zn and
Ti will form the TiZn16 phase, and some eutectic structures are distributed on the grain
boundaries, which significantly refine the grains [38,48]. Compared with the Zn-1Ti alloy,
the morphology of Zn-3Mg-1Ti alloy changed correspondingly with the addition of Mg.
Zn-3Mg-1Ti alloy is mainly composed of bulky TiZn16 phase and eutectic mixture of α-Zn
and Mg2Zn11. The phase diagram of Zn-Mg shows that eutectic reaction will occur when
the temperature is 364 ◦C and the mass fraction of Mg is 3 wt.% ( L → α − Zn + Mg2Zn11 ).
Therefore, the diffraction peaks of Zn and Mg2Zn11 can be observed in the XRD pattern
of the Zn-3Mg-1Ti alloy (Figure 2). However, due to the low content of the Ti element
and fast scanning speed, TiZn16 was not shown in the XRD pattern. In addition, the TEM
test confirmed the existence of TiZn16 phase and found that Mg2Zn11 and TiZn16 had an
excellent orientation relationship.

The compressive strength and microhardness of the Zn-1Ti alloy (265.1 MPa, 71.3 HV)
far exceed pure Zn. This is because the addition of Ti refines the grains of the alloy and
produces the second phase of TiZn16. According to the Hall-Petch relationship [49], the
smaller the grains of the alloy, the higher its strength. In addition, the second phase
strengthening also plays a positive role. When the Mg element is introduced to form a
ternary alloy, large amounts of eutectic structures are produced. The compression strength
and microhardness of Zn-3Mg-1Ti alloy (625.1 MPa, 226.4 HV) are higher than that of
Zn-1Ti alloy, which might be attributed to the increase of the eutectic mixtures. Mg2Zn11
is a hard and brittle phase, which will significantly improve the hardness and strength of
the alloy, but inevitably sacrifice a part of plasticity. Furthermore, based on the edge-by-
edge matching model [50,51], the mismatch between Mg2Zn11 phase and TiZn16 phase is
calculated to be 3.7%, which is less than 6%. In addition, the Mg2Zn11 phase and TiZn16
phase have a coherent orientation relationship, resulting in a strong combination between
Mg2Zn11 and TiZn16. The load can be efficiently transferred from one phase to another
reinforcing phase so that the hard phase with higher strength can share the load and
improve the strength and hardness of the alloy [52]. The lattice distortion is also one of the
factors for the improvement of mechanical properties. Therefore, the synergistic effects of
grain refinement strengthening, second phase strengthening, lattice distortion and load
transfer jointly improve the mechanical properties of the alloy.

4.3. Corrosion Behavior of the Alloys

After adding Ti, the corrosion rate of the alloy is significantly increased. This is due to
the potential difference between TiZn16 phase and α-Zn in the Zn-1Ti alloy, and galvanic
corrosion occurred in Hank’s solution, thereby accelerating the corrosion process of the
Zn alloy. The potential of the TiZn16 phase is lower than that of α-Zn, and it is usually
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regarded as the anode of micro-battery to be preferentially corroded. Both the Ti-rich
phase and the Mg-rich phase will undergo galvanic corrosion with the zinc matrix and be
preferentially corroded, thereby accelerating the degradation rate of the alloy. However,
Yao et al. [53] and Yang et al. [54] reported that the Mg2Zn11 phase will reduce the electrode
potential difference and inhibit the progress of corrosion. Therefore, the degradation rate
of Zn-3Mg-1Ti alloy with Mg2Zn11 phase is lower than that of Zn-Ti.

4.4. Cytotoxicity Assessment of the Alloys

Cytotoxicity evaluation showed that the cell activity of the Zn-3Mg-1Ti alloy was
better than that of the Zn-1Ti alloy, while pure zinc has the worst cell activity. The results
can be attributable to the Zn2+ concentration of the extract. It is well-known that excessive
local Zn2+ will promote cell death [55]. Our experimental results show that the order of
the Zn2+ concentration in the leaching solution is as follows: Zn-3Mg-1Ti alloy < Zn-1Ti
alloy < pure Zn. Although the degradation rate of Zn-3Mg-1Ti alloy is higher than that
of pure zinc and lower than that of Zn-1Ti, it releases the least Zn2+ ions. This is due to
the TiZn16 phase acting as a sacrificial anode to protect the cathode, which reduces the
release rate of Zn2+ ion, and a large amount of Mg2Zn11 precipitates in the alloy which will
reduce the degradation rate of the alloy [53]. Not only that, both Ti and Mg elements are
beneficial to the human body and have important physiological functions in the human
body. Combining the above reasons, Zn-3Mg-1Ti alloy has very low cytotoxicity and
excellent biocompatibility.

5. Conclusions

In this study, the Zn-3Mg-1Ti alloy was fabricated by ultrasonic treatment with a
Ti ultrasonic radiation rod. The microstructure, phase structure, compressive strength,
microhardness, degradation rate, and cytotoxicity of the alloy were studied. The main
conclusions are as follows:

1. Ultrasonic treatment with Ti rod can introduce Ti element, refine the grains of the
alloy, and promote the number of heterogeneous nucleation cores;

2. Zn-3Mg-1Ti alloy is mainly composed of Mg2Zn11, TiZn16, and α-Zn. The compressive
strength and microhardness of the alloy are excellent. But the alloy is relatively brittle
and has poor plasticity;

3. The electrochemical test shows that the Zn-3Mg-1Ti alloy has a suitable degradation
rate and is a very promising biodegradable implant material;

4. The Zn-3Mg-1Ti alloy exhibits minimal cytotoxicity and excellent biocompatibility.

In a word, the Zn-3Mg-1Ti alloy has high application potential as a biodegradable
implant. We will further improve the plasticity of the alloy and optimize its comprehensive
properties in future research.
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Abstract: The microstructure, interfacial characteristics, and corrosion resistance of Fe-W-Mn-Al-B al-
loys in molten zinc at 520 ◦C have been investigated using scanning electron microscopy (SEM), X-ray
diffractometry (XRD), and electron probe micro-analysis (EPMA). The experimental results indicate
that the Fe-B alloy with 11 wt.% W, 7 wt.% Mn, and 4 wt.% Al addition displays a lamellar eutectic
microstructure and excellent corrosion resistance to molten zinc. The toughness of M2B-type borides
in the hyper-eutectic Fe-4.2B-11W-7Mn-4Al alloy can be more than doubled, reaching 10.5 MPa·m1/2,
by adding Mn and Al. The corrosion layer of the Fe-3.5B-11W-7Mn-4Al alloy immersed in molten
zinc at 520 ◦C comprises Fe3AlZnx, δ-FeZn10, ζ-FeZn13, and η-Zn. The lamellar borides provide the
mechanical protection for α-(Fe, Mn, Al), and the thermal stability of borides improves as the fracture
toughness of the borides increases, which jointly contribute to the improvement of the corrosion
resistance to the molten zinc.

Keywords: Fe-B-W alloy; manganese; aluminum; molten zinc; microanalysis; corrosion

1. Introduction

Hot-dip galvanizing is one of the more effective and economical methods to treat
steel against atmospheric corrosion, and it has been widely used [1–4]. Nevertheless, the
severe corrosion in continuous galvanizing line (CGL) processing is a challenge for the
long-term submersed hardware [5–8]. The corrosion seriously decreases the service life
of the equipment immersed in the molten zinc bath, which further affects the production
efficiency and product quality. Hence, it is necessary to search for excellent corrosion-
resistant materials under elevated temperatures from 450 to 600 ◦C in molten zinc.

In recent years, some studies on corrosion-resistant materials in CGL have been con-
ducted, and many kinds of materials have been used in the immersed hardware, including
ceramics, Stellite alloys, intermetallics, coatings, and other composite materials [9,10].
Among these materials, because of the unique non-wetting characteristic of the Fe2B
phase in molten zinc and their reticular structure, the Fe-B alloys display remarkable
anti-corrosion properties and have drawn much research interest [11–15]. Ma et al. [11]
investigated the effect of B on the corrosion resistance of the Fe-B alloy, finding that the
Fe-B alloy containing 3.5 wt.% B showed the optimal corrosion resistance. They also found
that the thermal stability of the Fe2B phase decreased significantly once the temperature
of molten zinc reached or went above 520 ◦C, promoting the spalling of the borides and
corrosion failure [12]. Alloying methods are widely used to improve the toughness of
borides and the corrosion resistance of alloys. The effects of Cr, Mn, W, Mo, Ti, rare earth,
and other elements on the fracture toughness and hardness of Fe2B in Fe-B-C cast alloy
have been investigated [16,17], while the effect of Cr, Ni, W, Mo, and other elements on the
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corrosion resistance of Fe-B alloys in molten zinc baths was reported upon [18–21]. Recently,
Jian et al. [16] investigated the effect of Mn addition on the microstructure, mechanical
properties, and wear behavior of an Fe-3.0B alloy, finding that proper Mn addition could
improve the toughness of Fe2B. Liu et al. [20] reported that adding 11 wt.% W to the Fe-3.5B
alloy could significantly increase its corrosion resistance to molten zinc by the improvement
of boride stability and through the grain refining of eutectic borides. However, the brittle
characteristics of the boride phase and the preferential corrosion of the α-Fe phase remain
dominant reasons for corrosion failure, which cause difficulties in meeting (CGL) industry
requirements. In addition, based on the previous studies [22,23], the Fe-Al intermetallic
layers could obstruct the diffusion of Zn atoms, and thereby delay the reaction between the
Fe substrate and molten zinc. Al can improve the hardness and red hardness of steel, which
is beneficial for improving the wear resistance of steel at elevated temperatures. Al can
form a highly stable and protective oxide scale, which can improve the corrosion resistance
of steel at elevated temperatures [24]. Therefore, Mn and Al were chosen as the alloying
elements in the present work. In this study, we investigate the further improvement of
the corrosion resistance of an Fe-3.5B-11W alloy in molten zinc by adding proper Al and
Mn. The microstructural evolution of the Fe-B alloys with proper Mn and Al addition was
characterized. Special attention was paid to the synergistic effects of Mn and Al on the
corrosion behaviors of the Fe-3.5B-11W alloy in the molten zinc.

2. Experimental Procedures

2.1. Specimens Preparation

The raw materials are 99.9 wt.% iron ingot, 99.9 wt.% pure W, 99.9 wt.% pure Mn,
99.9 wt.% pure Al, and an FeB alloy which contains 19.0–21.0 wt.% B, less than 0.15 wt.% C,
and less than 1.0 wt.% Si according to the GB/T 5682-2015 Ferro Boron. Firstly, the Al-Mn
master alloy is prepared by vacuum melting to reduce the evaporation of Al. As known by
the Al-Mn phase diagram [25], a large amount of Al can be dissolved in βMn. The melting
point of the Mn-Al alloys increases with the addition of Al compared with that of pure
Al. Then, pure Fe, W, FeB alloy, and Al-Mn master alloy were melted together by vacuum
melting. Four cast Fe-B alloys containing about 3.5 wt.% B, 11 wt.% W, 7 wt.% Mn, and
0–6 wt.% Al were prepared through orthogonal tests. The compositions of these four Fe-B
alloys are given in Table 1.

Table 1. The nominal chemical composition of Fe-3.5B alloys (wt.%).

Specimens W Mn B Al Balance

Fe-3.5B-11W 11 0 3.5 0 Fe
Fe-3.5B-11W-7Mn-1Al 11 7 3.5 1 Fe
Fe-3.5B-11W-7Mn-4Al 11 7 3.5 4 Fe
Fe-3.5B-11W-7Mn-6Al 11 7 3.5 6 Fe
Fe-4.2B-11W-7Mn-4Al 11 7 4.2 4 Fe

2.2. Morphology and Phase Characterization of the Specimen

All specimens embedded in resin were polished to a mirror finish using Al2O3 and
etched with 4 vol.% nital solution. The surface and cross-sections of the as-cast and corroded
alloys were observed using an optical microscope and JSM-6360LV scanning electron
microscope (JEOL, Tokyo, Japan) equipped with an energy dispersive spectrometer. An
JXA-8230 electron probe microanalyzer (JEOL, Tokyo, Japan) and a wavelength-dispersive
X-ray spectrometer (WDX) were employed to determine the phase chemical composition.
The constituent phases were further identified with an X-ray diffractometer (XRD, Rigaku
Ultima IV, Tokyo, Japan) with Cu Kα radiation as the X-ray source, and performed in
continuous scanning mode at 40 kV and 40 mA. The corroded samples were ground
carefully to remove the pure zinc layer.
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2.3. Corrosion Test in Molten Zinc

The corrosion depth profiles were used to characterize the average corrosion rate. The
original thickness of each specimen was measured with a microscale micrometer 10 times
at multiple locations across the cross-section of the specimen to obtain average values. The
corrosion tests were executed in a graphite crucible placed in a vertical resistance furnace
with the temperature maintained at 520 ± 3 ◦C for 24, 48, 72, 96, and 120 h. Then, these
specimens were removed from the molten zinc and cooled quickly by water quenching to
preserve the microstructure at that temperature. The average corrosion depth and corrosion
rate of the tested specimen were calculated with the following Equations (1) and (2) [18–21]:

H = (a − b)/2 (1)

R = h/t (2)

where h is the average corrosion depth (μm), a is the original thickness (μm), b is the final
thickness (μm), R is the corrosion rate (μm·h−1), and t is the corrosion time (h).

2.4. Vickers Micro-Indentation Fracture Toughness Test

The micro-hardness of the boride phase in the Fe-B alloy was measured using an MH-
5L Vickers hardness tester with a load of 200 g, according to the ASTM E384 standard [26].
Each value was obtained from the average of five measured values. The fracture toughness
can be calculated with Equation (3) [14–17]:

Kc = XP/c3/2 (3)

X = 0.064(E/H)1/2 (4)

where X is the residual indentation coefficient, which depends on the hardness-to-modulus
ratio (E/H) of the boride. E and H are the Young’s modulus and micro-hardness, respec-
tively. Additionally, the value of E is approximately 336 GPa [27] for the fracture toughness
calculation. P is the applied load and c is the indentation half crack length.

3. Results

3.1. Microstructural Characteristics

Four as-cast Fe-B alloys containing approximately 3.5 wt.% of B, 11 wt.% of W, 0–7 wt.%
of Mn, and 0–6 wt.% of Al, were prepared through orthogonal testing. The microstructure
and corrosion resistance of the four alloys are described and discussed below.

The microstructure of the four as-cast alloys and the constituent phases based on
the WDX and XRD results is shown in Figure 1, and the XRD patterns are shown in
Figure 2b. The microstructure of alloy Fe-3.5B-11W is a typical hypoeutectic morphology
consisting of the primary solid solution, a gray, net-like M3B and white FeWB, as shown in
Figure 1a. Compared with alloy Fe-3.5B-11W, the gray, net-like M3B-type boride changed
to a net-like M2B-type boride, and the amount of FeWB was reduced. As the addition
of Al further increases, the microstructure of the alloy Fe-3.5B-11W-7Mn-4Al changes to
the almost pure finer eutectic structure without the primary solid solution. Alloy Fe-3.5B-
11W-7Mn-6Al containing 6 wt.% Al has a typical hypoeutectic morphology consisting of
the primary solid solution, a gray, net-like M2B. Firstly, the white, binary eutectic FeWB
disappears (L→FeWB+α), which can eliminate the effect of destroying the integrity of the
reticular borides. The size of the primary solid solution becomes small, and the primary
solid solution disappears in alloy Fe-3.5B-11W-7Mn-4Al. Compared with other alloys,
the eutectic borides in alloy Fe-3.5B-11W-7Mn-4Al exhibit a lamellar structure, and the
microstructure is significantly finer. The software Image-Pro Plus was used to calculate the
phase fraction, and the results are shown in Table 2. The microstructure treated by three
different colors is shown in Figure 1e–h, in which the red phase is the α solid solution, the
green one is M3B and M2B, and the blue one is FeWB.
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Figure 1. The as-cast microstructures and phase distribution of alloys: (a,e) alloy Fe-3.5B-11W;
(b,f) alloy Fe-3.5B-11W-7Mn-1Al; (c,g) alloy Fe-3.5B-11W-7Mn-4Al; (d,h) alloy Fe-3.5B-11W-7Mn-6Al.

 
Figure 2. (a) The calculated phase fractions of the alloys; (b) the XRD patterns of alloys.

Table 2. Average composition of the phases in alloys by WDX (at.%) and calculated phase fraction.

Alloy Phase Fe W B Mn Al
Calculated

Phase Fraction

Fe-3.5B-11W
α-(Fe, W) 98.7 1.3 - - - 64.8%
(Fe, W)3B 75.3 3.0 21.7 - - 31.4%

FeWB 34.1 32.3 33.6 - - 3.8%

Fe-3.5B-11W-7Mn-1Al
α-(Fe, W, Mn, Al) 87.8 0.8 - 5.2 6.2 60.0%

(Fe, W, Mn)2B 52.4 2.6 32.4 12.2 0.4 36.0%
FeWB 32.2 35.2 32.6 - - 4.0%

Fe-3.5B-11W-7Mn-4Al
α-(Fe, W, Mn, Al) 82.0 0.7 - 5.5 11.8 28.7%

(Fe, W, Mn)2B 50.7 3.8 32.4 11.6 1.5 71.3%

Fe-3.5B-11W-7Mn-6Al
α-(Fe, W, Mn, Al) 80.2 0.6 - 5.3 13.9 56.6%

(Fe, W, Mn)2B 56.3 3.5 25.7 11.8 2.7 43.4%

The calculated phase content in the alloys is shown in Figure 2a. The results indicate
that the content of M2B increases first and then decreases, and that of α decreases first and
then increases with the addition of Fe-3.5B-11W. Alloy Fe-3.5B-11W-7Mn-4Al has most
M2B borides and less of the primary α-(Fe, Mn, Al) phase. According to the composition
results of the WDX analysis (see in Table 2), the Fe-3.5B-11W atoms are mainly distributed
in the α solid solution, while most Mn and W atoms are present in the borides. Compared
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with alloy A1, the addition of Fe-3.5B-11W and Mn can promote the formation of M2B-type
borides and restrain the formation of M3B-type borides and FeWB. As a consequence, the
addition of Fe-3.5B-11W and Mn can affect the solidified microstructure and promote the
formation of dense borides, which benefits the improvement of corrosion resistance to the
molten zinc.

3.2. Micro-Hardness Testing

The toughness is a key factor in the stability of borides. We investigated the effects
of Mn and Al addition on the fracture toughness and hardness of Fe2B; however, the
borides in alloy Fe-3.5B-11W-7Mn-4Al were too small for fracture toughness testing via
Vickers micro-indentation. Therefore, alloy Fe-4.2B-11W-7Mn-4Al, with a hypereutectic
composition, was designed to obtain the block Fe2B phase. A schematic of the indentation
mark and crack length, as well as an optical micrograph of the micro-cracks in the M2B, are
shown in Figure 3. The average micro-hardness of Fe2B in alloy Fe-4.2B-11W-7Mn-4Al is
1565 HV0.1, somewhat higher than that of Fe2B (~1552 HV0.1) and (Fe, Mn)2B (1560 HV0.1),
and lower than that of (Fe, W)2B (>1570 HV0.1). The average value of the fracture toughness
is approximately 10.5 MPa·m1/2, compared to the fracture toughness values of Fe2B at
3.8 MPa·m1/2, (Fe, W)2B at 6.9 MPa·m1/2, and (Fe, Mn)2B at 4.7 MPa·m1/2 [15,16]. It can
be concluded that the addition of Mn and W to Fe2B benefits the improvement of the
fracture toughness. The radius of the Mn atom (1.32 Å) and W atom (1.41 Å) is larger than
the Fe atom (1.27 Å), which may introduce more impact to the surrounding B atoms and
bond energy in the [002] B-B. The primary weak B-B bond is expected to be strengthened
naturally by the addition of the Mn and W elements, which is consistent with the results
calculated by Zhou et al. [28].

 

Figure 3. (a) Schematic of indentation mark and crack length; (b) micrographs of indentation marks
and cracks on M2B in Fe-4.2B-11W-7Mn-4Al.

3.3. Corrosion Kinetics

The corrosion behaviors of these four as-cast alloys in the molten zinc were investi-
gated with a corrosion test. Alloy Fe-3.5B-11W was selected as the standard against which
to compare corrosion resistance. Figure 4 shows the corrosion depths and corrosion rates as
a function of corrosion time based on Equations (1) and (2). From Figure 4a, it can be seen
that the corrosion depth of all the Fe-B alloys increases with increasing immersion time.
The Fe-3.5B-11W-7Mn-4Al alloy shows the best corrosion resistance among the various
alloys, including alloys Fe-3.5B-11W, Fe-3.5B-11W-7Mn-1Al, Fe-3.5B-11W-7Mn-4Al, Fe-3.5B-
11W-7Mn-6Al, Fe-3.5B, and Fe-3.5B-5Cr. From Figure 4b, it can be seen that all investigated
samples show declining corrosion rates with increased immersion time. Meanwhile, alloy
Fe-3.5B-11W-7Mn-4Al shows a comparatively low corrosion rate (<2 μm·h−1) among these
four kinds of Fe-B alloys.
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Figure 4. Corrosion depth and corrosion rate as a function of corrosion time at 520 ◦C: (a) corrosion
depth vs. corrosion time; (b) corrosion rate—corrosion time.

3.4. Corrosion Layer Characterization

The cross-sectional morphologies of the corrosion interface of the samples corroded
by the molten zinc at 520 ◦C for 48 h are illustrated in Figure 5. The cross-sections of these
corroded samples can be divided into three different regions: The un-corroded matrix, the
corrosion layer, and the Fe-Zn compound layer. Generally, the corrosion interfaces are not
uniform, and the reticular structure is destroyed by molten zinc, except in alloy Fe-3.5B-
11W-7Mn-4Al. The corrosion layer mainly comprises the borides and Fe-Zn compounds.
The WDX analysis results of the Fe-Zn and Fe-Al-Zn intermetallic com pounds, measured
at each point 10 times, are given in Table 3.

Figure 5. The morphology of the corrosion cross-section after corrosion testing at 520 ◦C for 48 h:
(a) alloy Fe-3.5B-11W; (b) alloy Fe-3.5B-11W-7Mn-1Al; (c) alloy Fe-3.5B-11W-7Mn-4Al; (d) alloy
Fe-3.5B-11W-7Mn-6Al.
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Table 3. The chemical composition of the phases in the corroded layer of the alloys of different
compositions after 48 h of corrosion under the zinc solution at 520 ◦C by EPMA.

Position
Fe Al Zn W Mn

Phase
wt.% at.% wt.% at.% wt.% at.% wt.% at.% wt.% at.%

+1 in Fe-3.5B-11W 10.9 13.1 - - 81.4 84.0 7.7 2.5 - - δ-FeZn10
+2 in Fe-3.5B-11W-7Mn-1Al 11.7 13.7 0.4 1.0 84.1 83.7 3.3 1.2 0.5 0.4 δ-FeZn10
+3 in Fe-3.5B-11W-7Mn-4Al 7.1 8.2 - - 92.9 91.8 - - - - ζ-FeZn13
+4 in Fe-3.5B-11W-7Mn-6Al 31.6 24.1 38.7 61.2 17.7 11.6 11.6 2.7 0.4 0.4 Fe3AlZnx

The Fe3AlZnx alloy was found to be close to the matrix, as shown in Figure 5d, which
was not confirmed by the XRD because the content is too small. The Fe-Al-Zn intermetallic
compounds were observed at the corrosion interface of the Fe-B alloy to be immersed in
liquid 0.25 wt.% Al-Zn [12]. The main phases in the corrosion layer are identified to be
δ-FeZn10, ζ-FeZn13, and η-(Zn), which are identified by the XRD shown in Figure 6. The
δ-FeZn10 phase is distributed on the right side of the corroded layer, near to the Fe-Zn
compound layer, while the ζ-FeZn13 phase presents dispersed blocks in the molten zinc.
There are many cracks in the δ-FeZn10 phase, which provide the channel for the diffusion
of zinc atoms. Moreover, little spalling of the borides is found in the three alloys, which
demonstrates that both alloys have good corrosion resistance to the molten zinc, but alloy
Fe-3.5B-11W-7Mn-4Al is superior to alloy Fe-3.5B-11W.

 

Figure 6. The XRD patterns of the corrosion products in alloys Fe-3.5B-11W and Fe-3.5B-11W-7Mn-4Al.

The element distribution of the corrosion layer near the matrix in alloy Fe-3.5B-
11W-7Mn-1Al is shown in Figure 7. It can be seen that the Fe-3.5B-11W element is in-
deed enriched at the interface between the matrix and the corrosion diffusion layer. Mn
atoms mainly enter into the borides because of the similar atomic radius (RMn = 0.132 nm,
RFe = 0.127 nm) and electro-negativities (XMn

P = 1.55, XFe
P = 1.83) of Mn as a replacement

for Fe in borides. It is related to the smaller W diffusion coefficient and smaller solubility in
the molten zinc pool. It can be seen from the distribution of Zn in the boride phase that the
solubility of Zn is very low, which is the reason why the boride resists molten zinc corrosion.
Due to the greater diffusion coefficient of zinc (DZn > DFe) in the zinc bath, zinc atoms
easily diffuse to the corrosion interface along the grain boundaries of Fe-Zn compounds.
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Subsequently, a few zinc atoms enter the (Fe, W, Mn)2B lattice. The fracture toughness of
(Fe, W, Mn)2B is higher than (Fe, W)2B, which delays the formation of the crack. Moreover,
Al diffuses in preference to Fe atoms, and dissolves at the interface between α-Fe and the
borides, leading to the formation of Fe3AlZnx.

 

Figure 7. Line scanning results of element distribution near the matric and corrosion layer in alloy
Fe-3.5B-11W-7Mn-1Al after corrosion testing at 520 °C for 48 h: (a) line scan SEM image; (b) line scan
element distribution results.

4. Corrosion Mechanism

The microstructure of the corrosion layer of the Fe-3.5B-11W-7Mn-4Al alloy immersed
in the zinc for 48 h, 72 h, and 120 h is shown in Figure 8. The alloy Fe-3.5B-11W is enriched
at the interface, forming Fe3AlZnx, and promoting the formation of the bulky ζ-FeZn13,
as shown in Figure 8a. No microcracks were found in the alloy corroded for 48 h, and
the chunky ζ-FeZn13 with a lot of cracks forms at the front end of the interface, and the
interface close to the η-Zn is uniform, as shown in Figure 8b. With the increase in corrosion
time, the size of the ζ-FeZn13 become small and the number of the cracks at the corrosion
layer increases, as shown in Figure 8c,d. Meanwhile, most cracks grow perpendicular to
the corrosion interface, which can delay the fracture of boride. In addition, few cracks were
found on the δ-FeZn10 alloy following the addition of the Al element compared with that
of Fe-B alloys reported [11,12]. With the increase in the number of cracks on the boride, the
alloy eventually fails with the continuous spalling of the boride. Since the spalling boride
moves with the flowing zinc, it is difficult to observe the spalling boride at the interface of
the samples. In order to visually describe the entire corrosion process, the whole corrosion
behavior of the Fe-W-Mn-Al-B as-cast alloy in liquid zinc can be represented schematically
in Figure 9.

Based on the observations above, the main reasons for this good corrosion resistance
should be the lamellar eutectic structure, the increase in fracture toughness and volume of
the borides, and the preferred growth direction of the Fe2B perpendicular to the corrosion
interface. Alloy Fe-3.5B-11W-7Mn-4Al comprises the eutectic structure with no primary
solid solution phase, which corrodes first and transforms to the brittle δ-FeZn10. The
lamellar structure of the borides provides the mechanical protection for α-(Fe, W, Mn,
Al). The alloying elements dissolve into molten zinc to promote the growth of the bulky
ζ-FeZn13 and delay the diffusion of Zn atoms to the matrix [27]. With the increase in time,
the size of ζ-FeZn13 becomes small and the effect slows down. The high Al dissolution
in solid solution can reduce the activity of Zn and then retard the reaction of Fe and
Zn [12,29]. Because the fracture toughness of borides is increased with the Mn and Al
addition, the thermal stability of the borides improves, the cracks in the borides decrease,
and boride spalling is caused by the transformation stress of Fe-Zn intermetallics and the
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attack from molten zinc is efficiently reduced [30–32]. In addition, the orientation of M2B
has a great effect on the corrosion behavior of Fe-B alloys in molten zinc. It was found that
the Fe-B alloy with Fe2B oriented vertically to the corrosion interface possessed the best
corrosion resistance to the molten zinc [33,34]. It can be seen that the biggest angle between
the interface and the orientation of the borides in the corrosion layer is approximately
90◦. The result is consistent with previous studies indicating that the sample with the
preferred Fe2B growth direction oriented perpendicular to the corrosion interface has the
best corrosion resistance.

Figure 8. The microstructure of the corrosion layer of the alloy Fe-3.5B-11W-7Mn-4Al immersed in
the zinc for different times: (a) 48 h; (b) 72 h; (c) 120 h.

 
Figure 9. The schematic diagram of the whole corrosion behavior of alloy Fe-3.5B-11W-7Mn-4Al in
liquid zinc.
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5. Conclusions

The effects of Mn and Al addition on the microstructure and corrosion behaviors of
the Fe-3.5B-11W alloys in molten zinc have been investigated in the present work. The
results obtained are summarized below:

(1) With the addition of Mn to Fe-3.5B-11W, the microstructures of the Fe-3.5B-11W alloys
change from hypoeutectic to eutectic, facilitating the formation of M2B-type boride
and restraining the formation of M3B-type borides. In the meantime, the fracture
toughness obviously increases.

(2) Proper Mn and Fe-3.5B-11W contents can stabilize the Fe2B phase and improve the
corrosion resistance in a zinc bath. The Fe-3.5 wt.% B alloy containing 11 wt.% W,
7wt. % Mn, and 4 wt.% Fe-3.5B-11W, with few microcracks, has the best corrosion
resistance.

(3) The lamellar borides provide the mechanical protection for α-(Fe, W, Mn, Al). With
the fracture toughness of the borides increasing, the thermal stability of the borides
improves, thereby suppressing boride spalling and corrosion failure.
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Abstract: Titanium for additive manufacturing presents a challenge in the control of costs in the
fabrication of products with expanding applications compared with cast titanium. In this study,
hydrogenated–dehydrogenated (HDH) titanium powder with a low cost was employed to produce
spherical Ti powder using the radiofrequency plasma (RF) technique. The spherical Ti powder
was used as the raw material for laser directed energy deposition (LDED) to produce commercially
pure titanium (CP-Ti). Microstructural analyses of the powder revealed that RF treatment, not
only optimized the shape of the titanium powder, but also benefited in the removal of the residual
hydride phase of the powder. Furthermore, the LDED-HDH-RF-produced samples showed an
excellent combination of tensile strength and tensile ductility compared to the cast and the LDED-
HDH-produced samples. Such an enhancement in the mechanical properties was attributed to the
refinement of the α grain size and the dense microstructure. The present work provides an approach
for LDED-produced CP-Ti to address the economic and mechanical properties of the materials, while
also providing insights into the expanding application of HDH titanium powder.

Keywords: hydrogenated–dehydrogenated titanium powder; laser directed energy deposition; mi-
crostructure; mechanical property; radio frequency plasma technique

1. Introduction

Titanium and its alloys, as engineering materials, are employed in the aerospace,
military, and medical fields due to their high specific strength, high specific modulus, and
corrosion resistance [1]. Commercially pure titanium (CP-Ti) has better biocompatibility,
weldability, and osseointegration than other titanium alloys, which makes it extremely
useful [2]. However, it is difficult to melt and process owing to CP-Ti’s notoriously active
chemical activity, which limits its large-scale applicability [3].

Components with complex internal structures can be directly produced using additive
manufacturing (AM) technology, which provides a powerful tool in the application of
titanium and its alloys. Recently, additive manufacturing (AM) fabrication of CP-Ti has
received considerable research attention [4]. Many researchers have suggested that, among
the large number of metallic materials, CP-Ti is well suited to AM due to AM-produced
titanium materials usually presenting attractive mechanical properties, which enables the
precision forming of large-sized complex components designed for specific uses [5]. Santos
et al. found that adjusting the power of a laser beam and the laser scanning hatch spacing
in the AM process helps to improve the density of CP-Ti samples, from ~92% to ~98%,
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which is beneficial to improving the torsional fatigue strength [6]. Hasib et al. found that
that AM-produced CP-Ti samples generally yielded a higher tensile strength and fatigue
crack growth resistance compared to wrought material [7,8]. AM technology provides a
simple tool to obtain titanium components that are expected to have broad application in
medical or chemical-plant industries [9,10].

Previous studies on CP-Ti using AM have focused on parameter optimization to
achieve high-density parts and to evaluate their mechanical properties [11]. However,
there are limitations to producing corresponding AM-produced titanium components of
economical utility for practical applications as the current preparation of high-quality
spherical metal powers relies mainly on the atomization and rotating electrode methods,
which need high-purity raw materials [12]. The development of the radio frequency plasma
(RF) technique provides a powerful tool to reduce the costs of spherical metal powders [13].
This approach has been intensively researched for the manufacturing of cost-effective
titanium spherical powders using low-cost hydrogenated–dehydrogenated (HDH) titanium
powder [14]. Combining the advantages of the manufacturing capacity of AM technology
and spherical HDH titanium powder with RF treatment, in this study, AM-HDH-RF-
produced Ti components achieved superior mechanical properties and were prepared at
a low-cost compared to those prepared using traditional processing techniques [15]. The
HDH titanium powder used in this work was made of sponge titanium, machining residues,
etc., as raw materials, and could be used for laser deposition after the radio frequency
plasma (RF) process. Comparing with AM using titanium wire, this method omits the
process of suspension melting, or arc melting, and the process of preparing wire, which has
great advantages in terms of improvements to energy conservation and efficiency [16–18].

2. Experimental Section

The experimental apparatus for the HDH titanium powder treatment consisted of a
radio frequency (RF), an inductively coupled plasma torch, a water-cooled steel chamber,
a powder feeder, and a vacuum system. The plasma torch had a two-part structure, a
water-cooled three-layer quartz confinement tube and a four-turn copper coil with water
cooling. The plasma operated at an oscillating frequency of 3.5 MHz and used a 40 kW
plasma plate. The central plasma and sheath gas used high-purity argon at flow rates of
20~30 L·min−1 and 80~90 L·min−1, respectively. The HDH-Ti powder was supplied by
Jiangxi Weila Metal Materials Co., Ltd., Ganzhou, Jiangxi, China and had an oxygen content
of 723.87 ppm and a nitrogen content of 9.38 ppm. The purity of the HDH-Ti powder was
over 99.9 wt%. The average size of the HDH powder was about 135 μm, and was measured
using a particle size analyzer (model Microtrac-S3500). The HDH-Ti powder entered the
plasma arc via the carrier gas (argon). The flow rates of the carrier gas were 30 g/min,
45 g/min, and 60 g/min. Powder particles rapidly absorbed heat and spheroidized in the
plasma arc, and finally entered the cooling chamber to rapidly condense and form spherical
powder.

Laser directed energy deposition (LDED) has the characteristics of net-forming and
rapid-forming, and is one of the most promising AM methods in the preparation of complex
metal components. In this work, the AM process was performed using LDED in an
LDM6050 (YuChen Tech. Ltd., Nanjing, Jiangsu, China). The HDH titanium powder with
RF treatment was processed in a drying oven at 393 k for 4 h under vacuum conditions.
Specimens were produced on a pure Ti substrate under an argon atmosphere with an
oxygen content less than 10 ppm. The parameters of the optimized process were as follows:
a laser beam wavelength of 1070 nm, laser beam spot size of ~2 mm, laser power of 800 W,
laser scanning speed of 600 mm/min, powder feeding rate of 9~14 g/min, coaxial argon
gas flow of 12~20 L/min, and a sheath gas flow rate of 6~10 L/min. Figure 1 shows a
schematic of the RF technique and the LDED for fabricating the CP-Ti sample. The cast
Ti samples were fabricated via arc melting in a copper mold under a high-purity argon
atmosphere. The raw material was at least 99.9 wt%.
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Figure 1. Schematic of the RF technique and the LDED fabrication process for Ti samples.

Metallographic characterizations were performed using an ECLIPSE LV 150N optical
microscope (OM, NIKON CORPORATION, Shinogawa Intercity Tower C, Konan, Minato-
ku, Tokyo, Japan). The metallographic samples were mechanically polished and then
etched in a solution of 10% HF, 5% HNO3, and 85% deionized water. The microstructures
of the metallographic samples and the powder samples were characterized using scanning
electron microscopy (SEM, LEO1530, LEO Electron Microscopy Ltd., Krefeld, Germany). A
Microtrac-S3500 laser particle size analyzer was used to measure the powder size. Phase
types were investigated using a Rigaku X-ray diffractometer(XRD, D/max-RB, Rigaku,
Japan) using Cu-Kα radiation. The tensile properties of samples were examined at an
ambient temperature using an Instron 5982 static testing machine with a strain rate of
10−3 s−1. To confirm that the results were reliable, three tensile samples from each group
were tested.

3. Results and Discussion

The morphology of the HDH titanium powders, before and after induced RF treatment,
were studied using SEM and the granularity of the powders were measured with a laser
granularity analyzer. Figure 2 shows the microstructures of HDH titanium powders, before
and after induced RF treatment. It can be seen in Figure 2a that the HDH titanium powder
precursor has a rough surface in terms of morphology. There are some scraps and cracks
located on the surface of the powders. For the HDH titanium powders with an RF treatment
with a powder feeding rate of 30 g/min (Figure 2b), most of the irregular powders were
changed into the spherical powders. However, with an increase of powder feeding rate
from 30 g/min to 60 g/min, the proportion of non-spherical powders increased, as shown
in Figure 2c,d. Based on the above results, it was revealed that RF treatment can markedly
improve the morphology of HDH titanium powders. When powders are injected into a
high-temperature plasma region, they rapidly absorb energy, resulting in the surfaces of
the powders being heated to melt and are then subsequently quenched into a spherical
shape. In the process of RF treatment, a lower powder feeding rate benefits the contact
between powders and plasma. Therefore, the production efficiency of spherical titanium
powders will be reduced with an increase in the powder feeding rate.
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Figure 2. The micrograph show HDH titanium powder under different parameters: (a) without RF,
(b) RF with a feeding rate of 30 g/min, (c) RF with a feeding rate of 45 g/min and (d) RF with a
feeding rate of 60 g/min.

The particle size distributions of the HDH titanium powders, before and after RF
treatment, are shown in Figure 3. Compared to powders without RF treatment, the peaks
of the particle size distributions after RF treatment showed a lower position, indicating
that the RF treatment has the ability to refine the HDH titanium powders. Furthermore,
the peaks of the particle size distributions moved to a lower position with a reduction
in the powder feeding rate. Some powders with a loose structure that are fragile cannot
be subjected to the pressure caused by the thermal expansion and the residual titanium
hydride dehydrogenation reaction, leading to the powders being broken up into a finer
powder [19]. Therefore, there was more fine powder with the lower powder feeding rate.

 

Figure 3. The particle size distributions of HDH titanium powders, before and after radio-frequency
plasma treatment.

Figure 4 shows the XRD spectrum of HDH titanium powders, before and after RF
treatment. Peaks that represent the close-packed hexagonal (HCP) Ti crystal structure were
observed in the XRD spectra of the original powder without RF treatment. At the same
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time, weak peaks belonging to the Ti2H phase were also observed in the enlargement of the
XRD spectra of the original powder, as shown in Figure 4b, revealing that the process of
dehydrogenated of the HDH Ti powder was incomplete. For the HDH titanium powders
with RF treatment, the peaks showed that the Ti2H phases faded away in the XRD spectrum
along with the reduction in the powder feeding rate. The above results indicated that the
radio frequency plasma treatment, not only optimized the shape of the titanium powder,
but also benefitted the removal of the residual Ti2H phase in the powder.

Figure 4. (a) XRD pattern of HDH titanium powders before and after radio frequency plasma
treatment; (b) zoom-in image of the XRD patterns with 2θ ranging from 80◦ to 95◦.

In order to analyze the effect of HDH powder and HDH-RF powder on the LDED-
produced CP-Ti wall, the microstructures of the samples were observed with OM. The
OM images in Figure 5a show that the morphology of the cast sample exhibited a specific
dendritic grain microstructure. In Figure 5b, many blowhole defects with diameters of
~300 μm were left on the LDED samples prepared using HDH powder. Figure 5c shows an
OM image of the LMD samples prepared using HDH-RF powder with a feeding rate of
30 g/min, which presents an almost-dense microstructure without porosity, revealing that
HDH-RF powder is more suitable for the LDED technique than HDH powder. Furthermore,
Figure 5d shows an enlarge image of the square in the Figure 5c, presenting that the
microstructures of the LDED samples prepared using HDH-RF powder were composed of
a mix of coarse and lath-shaped grains. Diverse microstructural features between the cast
and LDED samples could be explained by the heating history, where significantly higher
cooling rates were used in the process of LDED, leading to martensitic β transformation in
CP-Ti solidification to an α phase with lath-shaped grains [20].

The tensile stress–strain curves of the titanium samples are shown in Figure 6. Com-
pared with the LDED-HDH-produced samples and the cast samples, the LDED-HDH-
RF-produced samples possessed an excellent combination of tensile strength and tensile
ductility. It is well-known that defects in the samples cause performance degradation. The
blowhole defects in the LDED-HDH-produced samples resulted in lesser mechanical prop-
erties compared to those of the LDED-HDH-RF-produced samples with an almost-dense
microstructure. A fine microstructure results in a high yield strength, which is determined
according to the Hall–Petch relation law, providing an increase in the yield stress of a poly-
crystalline material as its interplanar spacing decreases [21]. For CP-Ti, the yield strength is
inversely proportional to the α grain size. The fine α lath shape obtained in LDED-HDH-
RF-produced samples may be related to the high cooling rate during the LDED process,
which promoted the β phase to α phase, with a fine net microstructure transformation [15].
Therefore, LDED-HDH-RF-produced samples with a lath shape showed a higher yield
strength than the cast samples with equiaxed grains. The improved yield strength by em-
ploying the LDED-HDH-RF technique can enhance an implant CP-Ti material’s resistance
to permanent shape change, which may increase its effectiveness for implant applications.
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Figure 5. The optical microscope of CP-Ti using different prepared methods: (a) cast, (b) LDED-HDH
titanium, (c) LDED-HDH-RF titanium, (d) zoom-in image of the square in LDED-HDH-RF titanium.

Figure 6. The tensile stress–strain curves of CP-Ti produced using different prepared methods.

4. Conclusions

Hydrogenated–dehydrogenated (HDH) titanium powder has been employed to pro-
duce a spherical Ti powder using the RF technique. The spherical Ti powder was also
used as the raw materials for LDED to create the CP-Ti. Spherical Ti and CP-Ti samples
were further analyzed by means of XRD and SEM. The main conclusions were described as
follows:

(1) Microstructural analyses of the powder revealed that the radio frequency plasma
treatment, not only optimizes the shape of titanium powder, but also benefits the
removal of the residual Ti2H phase in the powder.

(2) Microstructural analyses of the CP-Ti samples present that the LDED-HDH-RF-
produced samples have a denser microstructure than the LDED-HDH-RF-produced
samples.

(3) Tensile testing indicated that LDED-HDH-RF-produced samples possess an excellent
combination of tensile strength and tensile ductility. Compared to the cast samples,
the higher yield strength of the LDED-HDRHT-produced samples should be attribute
to the fine α lath shape.
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(4) The present work provides an approach for LDED-fabricated CP-Ti to accommodate
the economic and mechanical properties of CP-Ti, while providing insights into the
expanding application of HDH titanium powder.
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Abstract: In this paper, we report that two newly designed high entropy bulk metallic glasses
(HE-BMGs), Ti20Hf20Cu20Ni20Be20 with a critical diameter of 2 mm, and Ti16.7Zr16.7Nb16.7Cu16.7

Ni16.7Be16.7 with a critical diameter of 1.5 mm, can be fabricated by copper mold casting method.
These newly developed HE-BMGs exhibited a high fracture strength over 2300 MPa. The glass
forming ability and atomic size distribution characteristics of the HE-BMGs are discussed in detail.
Moreover, a parameter δ′ was proposed to evaluate the atomic size distribution characteristics in
different HEAs. It showed that this new parameter is closely related to the degree of lattice distortion
and phase selection of high-entropy alloys. Adjusting the value of δ′ parameter by similar element
substitution/addition would be beneficial for designing high entropy bulk metallic glasses.

Keywords: high entropy alloy; bulk metallic glass; similar element substitution/addition; glass
forming ability; lattice distortion

1. Introduction

In the past few decades, bulk metallic glasses (BMGs) [1–9] and high entropy alloys
(HEAs) [10–18] have attracted much attention, owing to their unique structure and prop-
erties, such as high strength/hardness, good corrosion/wear resistance, etc. Previously,
BMGs and HEAs were developed separately in most cases, following different composition
design and fabrication routes. While recent studies show that intersections exist between
these two domains, namely some HEAs with meticulously designed composition could
be made into BMGs, and hence the high entropy bulk metallic glasses (HE-BMGs) were
developed [19–41]. An investigation into HE-BMGs is beneficial for understanding the
phase formation rules of HEAs and fundamental issues of BMGs, so it is very important to
develop more HE-BMGs.

In our previous work, a Ti20Zr20Cu20Ni20Be20 HE-BMG with a critical diameter of
3 mm was successfully obtained by copper mold casting method [24]. By introducing Hf as
the sixth constituent element, Ti16.7Zr16.7Hf16.7Cu16.7Ni16.7Be16.7 with a critical diameter of
15 mm [25] and a series of Ti20Zr20Hf20(Cu20−xNix)Be20 HE-BMGs with critical diameters
of larger than 12 mm was developed [26,27]. These results indicate that similar element
substitution/addition is an effective way for developing new HE-BMGs, just the same
as traditional BMGs. Since Hf is an element chemically similar to Zr while Nb and Zr
are also very close in the periodic table of elements, it is reasonable to suppose that by
substituting Zr with Hf, or by adding Nb in the Ti20Zr20Cu20Ni20Be20 quinary HEA system,
new HE-BMG with good properties can be obtained. Accordingly, two new HEAs, namely
Ti20Hf20Cu20Ni20Be20 and Ti16.7Zr16.7Nb16.7Cu16.7Ni16.7Be16.7, were designed to verify this
assumption, and their glass-forming ability, atomic size distribution characteristics, lattice
distortion, and phase selection rules of HEAs are discussed in detail.

Materials 2022, 15, 1669. https://doi.org/10.3390/ma15051669 https://www.mdpi.com/journal/materials
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2. Experimental

The master alloy ingots with nominal compositions of Ti20Hf20Cu20Ni20Be20 and
Ti16.7Zr16.7Nb16.7Cu16.7Ni16.7Be16.7 in equal atomic ratio were prepared by arc melting the
mixtures of high purity Ti, Hf, Cu, Ni, Zr, Nb plates, and Be granules (purity higher than
99.99 wt.%) within a pure argon gas environment. Cylindrical rods with different diameters
were prepared by copper mold injection or suction casting method. Arc melting and casting
was conducted on multi-functional high vacuum arc-melting and melt-spinning system,
which was produced by SKY Technology Development Corporation, Shenyang, China.
The glassy nature of these as-prepared samples was examined by X-ray diffraction (XRD)
technique using a Rigaku D/max-RB XRD spectrometry (Rigaku Corporation, Tokyo,
Japan) with Cu Kα radiation (λ = 0.15406 nm). Thermal properties of the glassy alloys were
examined by a Shimadzu DSC-60 differential scanning calorimeter (Shimadzu Corporation,
Kyoto, Japan) instrument under the protection of N2 gas (flow rate: 50 mL/min). The
applied heating rate was set as 20 K/min. The DSC instrument was calibrated with
In and Zn standard specimens. The errors are within ±1 K. Compression tests with
specimens of Ø2 × 4 mm and Ø1.5 × 3 mm in size were carried out on WDW-100 testing
machine (Shanghai Precision Instrument Co., Ltd, Shanghai, China) under a stain rate of
4 × 10−4 s−1.

3. Results

Figure 1 shows the XRD spectra of the as-cast Ti20Hf20Cu20Ni20Be20 and Ti16.7Zr16.7
Nb16.7Cu16.7Ni16.7Be16.7 rods with different diameters. No sharp diffraction peak corre-
sponding to the crystalline phase was observed in the Ø2 mm Ti20Hf20Cu20Ni20Be20 and
Ø1.5 mm Ti16.7Zr16.7Nb16.7Cu16.7Ni16.7Be16.7 samples, indicating that they both possess a
fully amorphous structure.

Figure 1. XRD spectra of the Ø2 mm Ti20Hf20Cu20Ni20Be20 rod sample and Ø1.5 mm
Ti16.7Zr16.7Nb16.7Cu16.7Ni16.7Be16.7 rod sample.

The DSC curves of the Ti20Hf20Cu20Ni20Be20 and Ti16.7Zr16.7Nb16.7Cu16.7Ni16.7Be16.7
samples are shown in Figure 2. The highest test temperature reached 1273 K (1000 ◦C).
However, since the endothermic peak is very high in the high temperature part, glass
transition would be very ambiguous in the curve. In order to demonstrate the glass
transition phenomenon (which is very important for glasses) clearly, we just cut out tem-
perature less than 1000 K in Figure 2. The glass transition temperature Tg and initial
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crystallization temperature Tx were marked with arrows. Tg, Tx, Tm (melting tempera-
ture) and Tl (liquidus temperature) were measured as 717 K, 760 K, 1095 K, and 1220 K
for the Ti20Hf20Cu20Ni20Be20 HE-BMG, and 684 K, 739 K, 1066 K, and 1218 K for the
Ti16.7Zr16.7Nb16.7Cu16.7Ni16.7Be16.7 HE-BMG, respectively. These data were listed in Table 1.

Figure 2. DSC curves of the Ti20Hf20Cu20Ni20Be20 and Ti16.7Zr16.7Nb16.7Cu16.7Ni16.7Be16.7 HE-BMGs.

Table 1. Thermal and mechanical properties of some HE-BMGs.

Composition
Tg

(K)
Tx

(K)
Tm

(K)
Tl

(K)
σ0.2

(MPa)
σb

(MPa)
εp

(%)
Year

Ti20Zr20Cu20Ni20Be20 683 729 1076 1161 - 2315 0 2013 [24]
Ti16.7Zr16.7Hf16.7Cu16.7Ni16.7Be16.7 681 751 1019 1100 1943 2064 0.6 2014 [25]

Ti20Hf20Cu20Ni20Be20 717 760 1095 1220 - 2425 0 This work
Ti16.7Zr16.7Nb16.7Cu16.7Ni16.7Be16.7 684 739 1066 1218 2330 2450 0.5 This work

The stress strain curves of Ø2 × 4 mm Ti20Hf20Cu20Ni20
Be20 and Ø1.5 × 3 mm Ti16.7Zr16.7Nb16.7Cu16.7Ni16.7Be16.7 HE-BMG samples in uniax-
ial compression test were shown in Figure 3. The fracture strength σb was 2425 MPa for
Ti20Hf20Cu20Ni20Be20 HE-BMG, the yield strength σ0.2, fracture strength σb and plasticity
εp were 2330 MPa, 2450 MPa and 0.5% for Ti16.7Zr16.7Nb16.7Cu16.7Ni16.7Be16.7 HE-BMG,
respectively, which were also listed in Table 1. The specimens fractured in a shear mode. It
is interesting to note that both Ti20Hf20Cu20Ni20Be20 and Ti20Zr20Cu20Ni20Be20 quinary HE-
BMGs fractured without any plasticity [24], while Ti16.7Zr16.7Nb16.7Cu16.7Ni16.7Be16.7 and
Ti16.7Zr16.7Hf16.7Cu16.7Ni16.7Be16.7 senary HE-BMGs exhibited a compressive plasticity of
about 0.5%, as well as serration behavior [25]. The reason of this difference remains unclear.
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Figure 3. Stress strain curves of the Ti20Hf20Cu20Ni20Be20 and Ti16.7Zr16.7Nb16.7Cu16.7Ni16.7Be16.7

HE-BMGs.

4. Discussion

4.1. Glass Forming Ability (GFA) of High Entropy Alloys by Element Addition/Substitution

The parameters of supercooled liquid region ΔT (= Tx − Tg), reduced glass transi-
tion temperature Trg (= Tg/Tl), and γ parameter (= Tx/(Tg + Tl)) are calculated as 43 K,
0.588, and 0.392 for Ti20Hf20Cu20Ni20Be20, while 55 K, 0.562, and 0.388 for Ti16.7Zr16.7Nb16.7
Cu16.7Ni16.7Be16.7, respectively. Compared with Ti20Zr20Cu20Ni20Be20 alloy (3 mm), the crit-
ical diameter of Ti20Hf20Cu20Ni20Be20, alloy (2 mm) and Ti16.7Zr16.7Nb16.7Cu16.7Ni16.7Be16.7
(1.5 mm) both decreased. It is noticed that by substitution Zr with Hf, although Trg remains
the same, ΔT and γ decreased; by addition of Nb as the sixth element, both Trg and γ

decreased, although ΔT increased [24]. It implies that the parameter γ is better than Trg
and ΔT in judging the GFA in these high-entropy glassy alloys; meanwhile high entropy
is not always beneficial to the GFA of the HEAs. The substitution of element Hf and the
addition of Nb brings the liquidus temperature Tl higher than that of Ti20Zr20Cu20Ni20Be20
alloy [24]. As a result, the GFA of the HEA was slightly deteriorated. On the other hand, by
the addition of Hf as the sixth element, liquidus temperature Tl was lowered down. There-
fore, the GFA of the Ti16.7Zr16.7Hf16.7Cu16.7Ni16.7Be16.7 was greatly improved as compared
with Ti20Zr20Cu20Ni20Be20 alloy [25]. These results indicate that lowering down liquidus
temperature would be helpful for enhancing the GFA.

4.2. Atomic Radius Characteristics of HE-BMG

The atomic size distribution characteristics of existing HE-BMGs were shown in
Table 2. Based on the atomic radius of constituent elements, they were divided into five
categories, namely super large atom (r > 0.165 nm), large atom (r ≈ 0.16 nm), medium
atom (r ≈ 0.14 nm), small atom (r ≈ 0.12 nm), and ultra-small atom (r < 0.12 nm). It is
noticed that most HE-BMGs were comprised of 3 to 4 categories, except for those containing
nonmetal element such as Si, P, B, C, etc [29,33,36]. In high entropy alloys, larger atomic
radius difference leads to larger lattice distortion. In case that lattice distortion exceeds
some degree, the lattice collapse and amorphous structure formed accordingly. This is in
agreement with Zhang’s work [13].
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Table 2. Atomic size distribution characteristics of existing HE-BMGs.

Composition
Super Large

Atom
r > 0.165 nm

Large Atom
r ≈ 0.16 nm

Medium
Atom

r ≈ 0.14 nm

Small Atom
r ≈ 0.12 nm

Ultra Small
Atom

r < 0.12 nm
Year

Ti20Zr20Hf20Cu20Ni20 Zr, Hf Ti Cu, Ni 2002 [19]
Sr20Ca20Yb20Mg20Zn20 Sr, Ca, Yb Mg Zn 2011 [20,23]
Er20Tb20Dy20Ni20Al20 Tb, Dy, Er Al Ni 2011 [21]
Pd20Pt20Cu20Ni20P20 Pt, Pd Cu, Ni P 2011 [22]
Ti20Zr20Cu20Ni20Be20 Zr Ti Cu, Ni Be 2013 [24]

Ti16.7Zr16.7Hf16.7Cu16.7Ni16.7Be16.7 Zr, Hf Ti Cu, Ni Be 2014 [25]
Ti20Zr20Hf20(Cu20−xNix)Be20 Zr, Hf Ti Cu, Ni Be 2015 [26,27]

Ho20Er20Co20Al20Dy20 Dy, Ho, Er Al Co 2015 [28]
Fe25Co25Ni25(B, Si)25 Co, Ni, Fe Si, B 2015 [29]

Zr40Hf10Ti4Y1Al10Cu25Ni7Co2Fe1 Y Zr, Hf Ti, Al Cu, Co, Ni, Fe 2015 [30]
Er18Gd18Y20Al24Co20 Y, Gd, Er Al Co 2018 [31]

Er20Dy20Co20Al20RE20 (RE = Gd, Tb,
Tm) Gd/Tb, Dy, Er Tm Al Co 2018 [32]

Fe25Co25Ni25(P0.4C0.2B0.2Si0.2)25 Co, Ni, Fe Si, P, B, C 2018 [33]
La25–35Ce25–35Ni5–15Cu5–15Al20 La, Ce Al Cu, Ni 2018 [34]

Fe25Co25Ni25Mo5P10B10 Mo Co, Ni, Fe P, B 2019 [35]
(Fe1/3Co1/3Ni1/3)80(P1/2B1/2)20 Co, Ni, Fe P, B 2019 [36]

Zr35Hf17.5Ti5.5Al12.5Co7.5Ni12Cu10 Zr, Hf Ti, Al Cu, Co, Ni 2019 [37]

Gd25Co25Al25Y15RE10 (RE = Dy, Ho, Er) Y, Gd, (Dy, Ho,
Er) Al Co 2020 [38]

Fe20–35Ni20Cr20–30Mo5–15(P0.6C0.2B0.2)20 Mo Cr, Ni, Fe P, B, C 2020 [39]
(Gd0.2Dy0.2Er0.2Co0.2Al0.2)99.5Si0.5 Gd, Dy, Er Al Co Si 2021 [40]

Zr33Hf8Ti6Cu32Ni10Co5Al6 Zr, Hf Ti, Al Cu, Co, Ni 2021 [41]
Ti20Hf20Cu20Ni20Be20 Hf Ti Cu, Ni Be This work

Ti16.7Zr16.7Nb16.7Cu16.7Ni16.7Be16.7 Zr Ti, Nb Cu, Ni Be This work

4.3. Assessing Degree of Lattice Distortion in High Entropy Alloys by Parameter δ′

The phase formation rule in HEA is of great importance both scientifically and tech-
nologically. The formed phase(s) in HEAs (solid solution, intermetallics and amorphous
phase) at certain conditions (alloy composition, preparation method, service environment,
etc.) remain unknown for most HEAs [10,13,15,18,42]. Many researchers proposed various
criteria to solve this problem, such as the δ-ΔHmix diagram proposed by Zhang et al. [13],
VEC criteria proposed by Guo et al. [15], electronegativity mismatch Dc proposed by
Toda-Caraballo et al. [43], etc. Lattice distortion is a crucial factor in HEAs, and it is also
very important in determining phase formation. However, the relationship between lat-
tice distortion and phase formation is still not clear. Much research has been devoted to
characterizing the degree of lattice distortion, and to further illustrate its correlation with
phase formation, such as the γ parameter proposed by Wang et al. [44], the α2 parameter
proposed by Wang et al. [45], etc. However, it is far from clearly understanding. Further
investigation is still required.

It is noticed from Table 2 that in most HE-BMGs, the atomic radius of the constituent
elements atomic sizes distribute in a wide range; while for many solid solution forming
HEAs, atomic sizes are more concentrated (especially for CuCoCrNiFe [10] and Cantor
alloy [11], they both possess FCC structure, meanwhile atomic size difference of the con-
stituent elements are very small). However, this is a qualitative description, and it is
somehow ambiguous. As a result, a quantitative exemplification is needed.

Based on Table 2, here we propose a new parameter δ′ to assess the degree of lattice
distortion in HEAs. Supposing that a HEA contains N elements, the atomic fractions are c1,
c2 . . . . . . cN, respectively, and the atomic radii are r1, r2 . . . . . . rN (r1 < r2 < . . . . . . < rN),
respectively (data from ref. [46]). Then, the average atomic size is defined as r:

r =
N

∑
1

ciri (1)
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The lattice distortion parameter δ′ is defined as

δ′ = 100
N−1

∑
1

ci+1 + ci
2

ri+1 − ri
r

(2)

In particular, for equal atomic alloy, δ′ is given as

δ′ = 100
N

rN − r1

r
(3)

According to Formula (2), lattice distortion parameter δ′ for some typical HEAs were
calculated and listed in Table 3. For clarity, the relationship between atomic size distribution,
lattice distortion parameter δ′, and phase selection is demonstrated in Figure 4. It is noticed
that δ‘ is closely related to phase selection in HEAs: when atomic size difference is relatively
small, δ′ is also small (δ′ < 2.2), FCC solid solution would be formed; when the atomic
size difference became larger, δ′ increased, FCC + BCC solid solution would tend to form
as 2.2 < δ′ < 2.9; with even larger δ′ (2.9 < δ′ < 4.9), BCC solid solution would be formed;
amorphous phase would be formed as δ′ exceeds 4.9.

Figure 4. Correlation between atomic size distribution, lattice distortion degree parameter δ‘ and
phase selection in some typical HEAs [10–12].

The parameter δ′ can be understood from the point of view of dense atomic packing.
Since it is correlated with the degree of lattice distortion, when δ′ was small, dense random
packing FCC phase formed (its density is about 74% for monolic element); with the increase
of lattice distortion, δ′ became larger, looser BCC phase (density of about 68% for monolic
element) appeared, and its concentration increased accordingly; when lattice distortion
became even serious, lattice collapse and amorphous phase would form eventually. Then,
adjusting the lattice distortion or the parameter δ′ of HEAs, such as by similar element
substitution or addition, could be helpful in designing high-entropy metallic glasses.

The new parameter δ′ we proposed here is somewhat similar with the δ parameter
proposed by Zhang et al. [13]; it is also affected by the number, type, and concentration of
the elements, while its value is smaller than δ, as is demonstrated in Table 3. As compared
with δ, δ′ is more sensitive to addition/substitution of an ultra large/small atom. Taking
alloy 11 and 12 in Table 3 for example, it can be seen that by substituting Hf element with
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much smaller Be element in the Ti-Zr-Hf-Cu-Ni HEA, δ increased from 10.324 to 12.514, the
growth rate is 21%; while δ′ increased from 4.977 to 7.065, the growth rate is 42%, much
larger than that of δ. It indicates that the new parameter δ′ is more sensitive than δ in
certain circumstance.

Additionally, it is noticed from Formula (3), for equiatomic high entropy alloys, as the
number of elements N increased, δ′ decreased and lattice distortion is mitigated accordingly.
As a result, it is not beneficial for amorphous phase formation, especially for N > 10. This
is in consistent with Cantor’s result that an alloy with 16 to 20 elements in equiatomic
concentration does not form amorphous phase [11].

Table 3. Correlation between atomic size distribution, lattice distortion and phase selection in some
typical HEAs.

No. Composition
r >

0.165
nm

r ≈ 0.16
nm

r ≈ 0.14
nm

r ≈ 0.12
nm

r < 0.12
nm

¯
r δ [13] δ′ VEC

[15]
Phase

1 CrMnFeCoNi Mn Co, Cr,
Ni, Fe 1.26744 3.267 1.717 8 FCC

[11]

2 CuCoCrNiFe
Cu, Co,
Cr, Ni,

Fe
1.25304 1.031 0.587 8.8 FCC

[10]

3 Al0.3CuCoCrFeNi Al
Cu, Co,
Cr, Ni,

Fe
1.26315 3.416 2.042 8.472 FCC

[10]

4 A0.5lCuCoCrFeNi Al
Cu, Co,
Cr, Ni,

Fe
1.26928 4.161 2.178 8.273 FCC

[10]

5 Al0.8CuCoCrFeNi Al
Cu, Co,
Cr, Ni,

Fe
1.27768 4.912 2.363 8

FCC +
BCC
[10]

6 AlCuCoCrFeNi Al
Cu, Co,
Cr, Ni,

Fe
1.28281 5.271 2.475 7.833

FCC +
BCC
[10]

7 Al2.5CuCoCrFeNi Al
Cu, Co,
Cr, Ni,

Fe
1.31259 6.466 3.106 6.867

FCC +
BCC
[10]

8 Al2.8CuCoCrFeNi Al
Cu, Co,
Cr, Ni,

Fe
1.31717 6.554 3.201 6.718 BCC

[10]

9 Al3.0CuCoCrFeNi Al
Cu, Co,
Cr, Ni,

Fe
1.32004 6.598 3.259 6.625 BCC

[10]

10 AlCoCrFeNi Al Co, Cr,
Ni, Fe 1.28378 5.767 2.968 7.2 BCC

[12]

11 Ti20Zr20Hf20Cu20Ni20 Zr, Hf Ti Cu, Ni 1.43308 10.324 4.977 - BMG
[19]

12 Ti20Zr20Cu20Ni20Be20 Zr Ti Cu, Ni Be 1.34318 12.514 7.065 - BMG
[24]

13 Ti16.7Zr16.7Hf16.7Cu16.7
Ni16.7Be16.7

Zr, Hf Ti Cu, Ni Be 1.38223 12.773 5.721 - BMG
[25]

14 Ti20Hf20Cu20Ni20Be20 Hf Ti Cu, Ni Be 1.33818 11.993 6.718 -
BMG
(this

work)

15 Ti16.7Zr16.7Nb16.7Cu16.7
Ni16.7Be16.7

Zr Ti, Nb Cu, Ni Be 1.35495 11.546 5.826 -
BMG
(this

work)

5. Conclusions

In this paper, two new high entropy bulk metallic glasses (HE-BMGs) have been
successfully fabricated using copper mold casting method, namely Ti20Hf20Cu20Ni20Be20
with a critical diameter of 2 mm and Ti16.7Zr16.7Nb16.7Cu16.7Ni16.7Be16.7 with a critical
diameter of 1.5 mm. These two HE-BMGs exhibit high fracture strength over 2300 MPa.
The glass forming ability and atomic size distribution characteristics of the HE-BMGs
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are discussed, and it is found that atomic radius spans over a wide range in HE-BMGs.
Moreover, we propose a new parameter δ′ to assess the degree of lattice distortion in high
entropy alloys (HEAs). It emphasizes the difference between atoms with adjacent atomic
size, and it is closely related to phase selection in HEAs. When δ′ is relatively small (δ′ <
2.2), FCC solid solution formed; when 2.2 < δ′ < 2.9, FCC + BCC phases formed; when 2.9
< δ′ < 4.9, BCC phase formed; while δ′ > 4.9, amorphous phase would be formed. This
new parameter δ′ is beneficial for understanding lattice distortion and phase selection
in HEAs. The present work suggests that through adjusting the parameter δ′ by similar
element substitution/addition, that is, adjusting the lattice distortion, is an effective way
for designing high entropy bulk glassy alloy.
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Abstract: To meet the packaging requirements of sapphire in special electronic components, there
is an urgent need for a joining process that can realize a good connection between sapphire and
dissimilar metals at a low temperature. In this work, the surface of a sapphire substrate was
successfully catalytically activated and metallized by an electroless nickel plating process. Moreover,
the solderability and interconnection of metallized sapphire with Sn-based solders were evaluated and
investigated at 250 ◦C, and the wetting angle of the Sn-based solders on sapphire on sapphire without
and with metallization was 125◦ and 51◦, respectively. The interfacial microscopic morphology and
element distribution in the Cu/Sn-Ag solder/sapphire solder joints were analyzed. It was found that
the middle solder layer has diffused during the reflow process, inferring good adhesion between
sapphire and Cu substrate with the aid of the Ni-P deposition. Thus, a sapphire welding method
with a simple process suitable for practical applications is demonstrated.

Keywords: sapphire; surface metallization; deposition mechanism; wettability; low-temperature joining

1. Introduction

Sapphire has superior optical and mechanical properties, including high melting point,
high hardness, strong corrosion resistance and good thermal conductivity, which makes
sapphire highly demanded in electronics and scientific instruments [1,2]. For electronics,
sapphire is required to achieve joining with common metals by a simple reflow process.
Unfortunately, sapphire is hard to achieve reliable solder joints during the reflow process as
it is an Al2O3 single crystal. Currently, enormous works have been conducted on sapphire
welding by various processes. Metallization on the sapphire surface is an important method.
Related research on metallization methods of sapphire is listed in Table 1. Another method
is using solders with active additions of Ti, Al and Mg. For instance, Ti addition in solders
can significantly promote the solder wettability on sapphire. Mu et al. systematically
studied the wetting behaviors of a Sn-Ti alloy on sapphire by the solid drop method [3].
However, Ti-based solders were required to be brazed in a high-temperature vacuum
environment, which has been reported by Ning et al. [4]. With the assistance of ultrasonic,
the brazing temperature of sapphire solder joints can be greatly reduced. Cui et al. used
an Al-4.5Cu-1.5Mg alloy as a filling metal to connect sapphire through ultrasonic-assisted
hot dipping [5]. A dense transient layer formed at the metal–sapphire interface to achieve
solid connections between sapphire and the aluminum alloy. At present, various related
researches on sapphire welding have been conducted in the above aspects. Unfortunately,
they all have shortcomings for electronics applications, including high joining temperature,
specific active solder, auxiliary ultrasonic brazing and so on.
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Table 1. Studies on metallization methods on sapphire.

Methods Temperature Conditions Disadvantage Reference

Mo-Mn sintering 950~1000 ◦C Reducing atmosphere Pore and microcrack defects [6]
Magnetron sputtering <50 ◦C Vacuum condition High cost, low material utilization [7]

Ultrasonic assisted hot dipping 210~230 ◦C Active solders (Ti, Al, Mg) Ultrasonic damage [8,9]

Electroless nickel plating is a conventional surface treatment technology for wide
applications prospects [10–14], which has the advantages of uniform deposition, dense
plating, good conductivity and good solderability [15,16]. Electroless nickel plating on
porous alumina ceramics was achieved by Zhang et al. [17]. Dehchar et al. successfully
deposited copper films on non-conductive epoxy glass substrates by electroless plating as
well [18]. Currently, many works related to electroless nickel plating have been carried out
on different ceramic substrates. However, the related research on electroless nickel plating
on sapphire substrates has not been reported yet.

In this work, we realized the metallization on sapphire by electroless nickel plating and
elaborated its deposition mechanism. Therefore, the Cu/solder/sapphire sandwich solder joints
can be fabricated, and then the interfacial morphology of these solder joints can be observed.
Moreover, the fracture mechanism of solder joints was also studied. Finally, sapphire substrates
can be joined by a simple reflow process at a low temperature and low pressure.

2. Experimental Works

In this work, sapphire substrates (10 mm × 10 mm × 1 mm, α-Al2O3 single crystal,
purity >99.9%) were used for electroless plating. To achieve electroless nickel plating on
the sapphire surface, the influence of substrate pretreatment on sapphire was studied
to successfully deposit electroless nickel plating. The surface roughness of the sapphire
substrates was measured by an atomic force microscope (AFM, Nanoscope IV, Veeco,
Suzhou, China). Different types of chemical etching solutions were chosen to prepare the
smooth deposition of the coatings. After grinding, etching, sensitizing, activating and initial
plating (25 s) of the sapphire substrates, the surface morphology of sapphire after each
process was observed through a scanning electron microscope (SEM, MIRA 3, TESCAN,
Shanghai, China). Moreover, the changes in the surface morphology of the substrates were
compared and analyzed.

The electroless plating solution is an acidic solution composed of deionized water,
nickel sulfate, sodium hypophosphite, sodium citrate and ammonium sulfate. Table 2 lists
the chemical reagents and the corresponding electroless plating conditions. The crystal
structure of Ni-P coating was also analyzed by X-ray diffraction (XRD, Smart SE, Rigaku,
Tokyo, Japan). Afterwards, the surface morphology and chemical composition of the
electroless deposition by SEM and EDS (MIRA 3, TESCAN, Shanghai, China), respectively.

Table 2. Chemical plating bath composition and conditions.

Chemical Reagents Composition (g/L)

NiSO4·6H20 20–35
NaH2PO·2H2O 25–35

Na3C6H5O7·2H2O 60–70
((NH4)2SO4 60–80

Plating condition Temp: 65–75 ◦C, pH: 5–6, Time: 15–30 min

A contact angle measuring instrument (JC2000D2, Shanghai zhongchen digital tech-
nic apparatus Co. Ltd, Shanghai, China) was used to test the wetting angle of the Sn-3Ag
solder balls (diameter 760 μm, 1.6 mg weight/ball, Langfang Bangzhuang Electronic Ma-
terials Co. Ltd, Langfang, China) on the sapphire with and without metallization in an at-
mospheric environment at 240 ◦C. Afterwards, sandwich-structured Cu/solder/sapphire
solder joints were prepared by the reflow process. Pure copper substrates (purity 99%,
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5 mm × 5 mm × 1 mm) and nickel-plated sapphire substrates were used as the upper and
lower substrates, while solder pastes were evenly plated on the sapphire surface by a
100 μm thick stainless mask to connect the substrates. Then, the assembled Cu/solder/sapphire
sandwich structure was prepared in a crucible furnace (vacuum degree <10−3 Pa) at a peak
reflow temperature of 250 ◦C for 60 min under a pressure of 0.2 Mpa. The macroscopic
appearance of sapphire solder joints is shown in Figure 1. The interfacial microstructure,
morphology and element distribution of the sapphire solder joints and shear fracture surface
were observed by SEM and EDS.

Figure 1. Macroscopic appearance of samples.

3. Results and Discussion

3.1. Metallization Mechanism on Sapphire

The surface activity of sapphire is rather poor and cannot auto catalyze, so the pretreat-
ment is very important for deposition on the sapphire surface. The pretreatment process
mainly includes surface degreasing, polishing, chemical etching, chemical sensitization
and activation. The roughness of the polished and smooth surface measured by atomic
force microscope (AFM) was 84.0 nm and 1.79 nm, respectively. Some works show that
substrates with reasonable surface roughness can provide good anchorage for Ni-P films,
which can significantly improve deposition adhesion [19,20]. After grinding, the deposition
area between the coating and sapphire is greatly increased, thereby improving the bonding
force of the deposit. Chemical treatment is also carried out to further improve the bonding
force. Since the substrate is α-Al2O3, which is the most stable phase in the majority of
alumina and is generally insoluble in acids and alkalis. In the subsequent electroless plating
process, a mixed solution of HF and HCl was used as the coarsening solution. Therefore,
Ni-P coating can be deposited on the sapphire, indicating that the coarsening solution
can react with α-Al2O3 and form enormous micro-holes on the substrates. Thus, the sub-
strate can be activated for the following electroless plating. During the plating process,
a complete Ni-P coating can be directly deposited on the sapphire surface at once. The
results show that sapphire can be metallized by a simple electroless plating process with
proper pretreatments.

Figure 2 shows the surface morphology of sapphire substrates in each pretreatment
process. Figure 2a–d is the substrate surface after grinding, etching, activating and initial
plating, respectively. Figure 2a,b has a similar microstructure, while the surface morphology
in Figure 2b is smoother. This is contributed to the etching solution that can react with the
sapphire substrates. Figure 2c shows the morphology of sapphire substrates after activation
by SnCl2/HCl and PdCl2/HCl solution. When the specimens absorbed with Sn+2 ions
were immersed in the dilute PdCl2 solution, the Pd+2 ion was reduced to Pd metal and
acted as a catalyst to initiate the deposition reaction according to Equation (1). As a result,
some individual Pd patches can be formed on the sapphire surface, as shown in Figure 3.

Sn+2 + Pd+2 → Sn+4 + Pd (1)
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Figure 2. Topography of the substrate in electroless plating pretreatment after (a) grinding,
(b) etching, (c) activation and (d) initial plating.

Figure 3. Deposition process and mechanism in the electroless plating solution.

Figure 2d exhibits the surface morphology of the sapphire after pre-plating for 25 s.
As can be seen from the high-magnification figure in Figure 2d, enormous small particles of
the Ni-P alloy are deposited on the sapphire surface in uniform distribution. Generally, the
size range of Ni-P particles is between 50 nm to 100 nm. No area that is not covered with
Ni-P coatings can be found even after electroless plating for only 25 s, indicating this work
has a relatively fast deposition rate. The results show that by changing the pretreatment,
the coating can be deposited on the sapphire substrate, and the metallization of sapphire is
successfully realized.
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To further explore the deposition mechanism of the sapphire metallized layer, Figure 3
is the reaction diagram simulating the Ni-P depositions on sapphire in the electroless plating
solution. Under acidic conditions, the electroless nickel plating process of the phosphite
ester system is basically carried out according to the following equation [21,22]. As a
reducing agent, sodium hypophosphite first undergoes a dehydrogenation reaction, and the
phosphorus–hydrogen bond is split to produce HPO2

− ions and reducing hydrogen atoms,
as shown in Equation (2). However, HPO2

− will be oxidized to HPO3
− due to instability,

and electrons will be released at the same time according to Equation (3). The reducing
hydrogen atoms are oxidized in the acid solution to generate electrons (Equation (4)). Since
there are individual catalytic Pd patches on the sapphire surface, Ni2+ will accumulate
on the sapphire substrates in a large amount and be reduced to metal after obtaining
nickel electrons according to Equation (5). At the same time, the hypophosphite also
obtains electrons and is reduced to elemental phosphorus (Equation (6)). Since metallic
nickel and elemental phosphorus are produced by the reaction at the same time and then
deposited on the sapphire substrates. Thus, the deposition of the Ni-P coating can be
realized. Meanwhile, many bubbles were generated during the electroless plating process.
These bubbles are reduced to H2 by the combination of two reducing hydrogen atoms or
electrons obtained from hydrogen ions in Equations (7) and (8).

H2PO−
2 → HPO−

2 + [H] (2)

HPO−
2 + H2O → H2PO−

3 + H+ + e− (3)

[H] → H+ + e− (4)

Ni2+ + 2e− → Ni (5)

H2PO−
2 + 2H+ + e− → 2H2O + P (6)

2H+ + 2e− → H2 (7)

[H] + [H] → H2 (8)

3.2. Microstructure and Wettability of Ni-P Coatings

The surface metallization on sapphire by electroless plating was successfully achieved.
Figure 4a shows the surface morphology of the Ni-P coating by scanning electron microscope
(SEM). No defects, including micropores, cracks and undeposit areas, can be found in the
coating, which shows good quality. This coating exhibits a nodulus structure with a particle
range of 0.45–0.96 μm. Figure 4b shows the cross-section topography of the Ni-P coating.
The middle bright layer is the Ni-P coating with a relatively uniform thickness of 6.3 μm.
Generally, this metallized layer is evenly distributed on sapphire and shows good quality.

Figure 4. (a) Surface morphology, (b) section morphology of Ni-P coating.

Figure 5 shows the XRD pattern of Ni-P coating, and there is a wide peak of Ni phase
at 46◦. In addition, the crystallinity of this coating is 0% calculated by JADE software,
indicating that this coating has an amorphous structure. Moreover, the P content of this
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Ni-P coating is around 13–14 wt.%. As previously reported, the lattice strain of Ni (111)
grains increases when the P content in Ni-P alloy exceeds 8 wt.%, which leads to a Ni-P
coating with an amorphous structure [23].

Figure 5. XRD pattern of Ni-P coating.

Moreover, the vital effect of depositions on sapphire is to improve its solderability.
Figure 6a,b are the cross-sections of the wetting behaviors of the Sn-3 Ag solder balls on sap-
phire without and with metallization, respectively. According to the Young’s equation [24],
the solid–liquid interaction occurring when a droplet contacts a surface is expressed by the
following equation:

cos θ =
γsg − γsl

γgl
(9)

where θ is the contact angle of a smooth surface; γsg, γsl and γgl represent the interfacial
tension at solid-gas, solid–liquid and gas–liquid interfaces, respectively.

Figure 6. Wetting angles of Sn-Ag solder balls on (a) bare sapphire, (b) Ni-P plated sapphire and
(c) bare Cu substrate.

Wettability is the ability of liquid solders that spread on the surface to be soldered. Many
wettability studies have shown that the values of the wetting angle can indicate the degree
of wettability, as shown in Table 3 [25]. The contact angle of Sn-Ag solder on a bare copper
substrate is 34◦, as shown in Figure 6c, which shows good wetting. The contact angle of the
sapphire sample without the Ni-P coating is 125◦, which exceeds 90◦ and exhibits unacceptable
wettability for Sn-based solder balls. On the contrary, with the aid of Ni-P coatings on sapphire,
the contact angle can significantly decrease to 51◦, enhancing wettability.
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Table 3. The correlation of wetting angle range with wettability.

Wetting Angle Range Wettability

0◦ ≤ θ < 30◦ Excellent wetting
30◦ ≤ θ < 40◦ Good wetting
40◦ ≤ θ < 55◦ Acceptable wetting
55◦ < θ < 70◦ poor wetting

70◦ ≤ θ Unacceptable wetting

3.3. Joining and Fracture Mechanism of Sapphire Solder Joints

Afterwards, sapphire substrates plated with Ni-P coatings were joined with bare
copper sheets by a simple reflow process. Figure 7 shows the surface topography of the
sapphire solder joints and the elemental distribution. The interface microstructure at the
Cu/sapphire solder interfaces shows a dense structure without obvious holes and cracks.
From the EDS mapping results, the bright gray stripe in the middle is the Sn-based solder,
while the upper and lower substrates are copper and sapphire, respectively. Combined
with the overall morphology and Ni distribution, it is found that there is an intermittent
Ni-P coating between the middle layer and the sapphire, and the coating is deposited on
the sapphire with good adhesion. It shows that the coating thickness decreases gradually
during the reflow process, which is caused by the reaction between the Ni-P coating and
the solder.

Figure 7. Morphology and EDS elemental distribution at Cu/sapphire solder interfaces.

The fracture surface topography and EDS elemental distribution are shown in Figure 8.
It can be seen that there is an obvious bright white curve in the middle, and shear fracture
mainly occurs at the interface between the coating and the substrate. The distribution of Sn
and Ni indicates that the electroless nickel plating layer is reacted by metallurgy during
the joining process. It is speculated that Sn-Ni intermetallic compounds are formed, which
is consistent with studies on the interfacial reaction between Ni-P coatings and Sn-based
solders [26,27].
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Figure 8. Element analysis diagram of fracture surface morphology.

The fracture diagram of these sapphire solder joints is illustrated in Figure 9. During
the connection process, the Sn-based solder reacts with the Ni-P coating to form Ni-Sn
IMC layers, leading to a continuous decrease in the thickness of the Ni-P coating. When
the thickness of Ni-P coating decreases to a certain value, shear fracture occurs at the
coating–sapphire interface.

Figure 9. Cu/solder/sapphire fracture schematic diagram.

4. Conclusions

In this work, the sapphire substrates were successfully catalytic activated and metal-
lized by electroless nickel plating to achieve direct joining with copper substrates via the
conventional reflow process. The conclusions can be drawn as follows:

1. A proper pretreatment for sapphire substrates was proposed to successfully deposit
metallization on sapphire by a simple electroless plating process. Moreover, the
deposition mechanism of the metallization on sapphire was also elaborated.

2. The metallization significantly improved the wettability of the substrates as the
wetting angle of the Sn-based solders on sapphire with the metallization was reduced
from 125◦ (without metallization) to 51◦.
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3. The direct joining between sapphire and copper was achieved by the conventional
reflow process at 250 ◦C and reduced pressure. The nickel atoms from the Ni-P
metallization interacted with Sn atoms in the solder, resulting in the formation of
Ni-Sn IMCs to achieve metallurgical bonding at the joint interfaces.
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Abstract: As a traditional interconnect material, silver alloy bonding wires are widely used in
electronic packaging, but their propensity to vulcanize quickly has not been sufficiently addressed.
The current surface anti-oxidation and anti-sulfidation treatments are often accompanied by a decline
in bonding performance, which hinders the use of silver alloy bonding wires in new applications.
In the present paper, we develop a new cathodic passivation treatment in a Pd-containing solution
for silver bonding wires, which not only significantly improves their vulcanization resistance, but
also maintains their bonding performance. The surface of the treated wires remains unaffected after
vulcanization in 0.3 μg/m3 of ammonium sulfide for 60 min. Compared to a Pd-free passivation
treatment, the bonding strength of the wire passivated with the Pd-containing solution improves from
0.20 to 0.27 N. XPS analysis confirms the existence of Pd on the surface of the wire. The solder ball
formed an obtuse angle instead of a sharp angle on the pad, which is beneficial for bonding strength.

Keywords: silver alloy bonding wire; bonding strength; vulcanization resistance; cathodic passivation

1. Introduction

As a traditional packaging interconnect technology, wire bonding still occupies an
important place in electronic packaging, due to its simple process and low cost [1]. The
materials for bonding wires have developed from pure metals to a variety of alloys based
on, for example, gold, silver, copper, and aluminum [2–5]. Among these metals, silver has
the best electrical and thermal conductivity, and its price is relatively moderate. Therefore,
silver bonding wires have been considered as a potential alternative to gold bonding
wires. However, silver alloy bonding wires can be easily contaminated when used in an
environment without a protective gas [6,7], which becomes an obstacle for extending their
use to new applications.

Bonding reliability is another important property of bonding wires. The device will fail,
as long as one of the bonding points is damaged. Generally, the failure modes of the solder
ball of wire bonding can be divided into intra-ball failure and interfacial failure, which
usually start from the intermetallic compounds, interfacial voids and interfacial corrosion
points [8,9]. Zhang et al. [10] studied the failure of LED packages and pointed out that the
stress concentration generated in the thermal shock test can lead to the neck fracture of the
solder balls. On the other hand, interfacial failures are also widely observed. Wu et al. [11]
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conducted power cycle life tests on different types of insulated gate bipolar translator
(IGBT) modules, and found that the recrystallization and electrothermal migration could
lead to the fracture of the bonding interface. Zheng et al. [12] found that the separation of
the bonding wire and the pad is the main failure mode of IGBT modules. The mismatch
of thermal expansion coefficients between the bonding wire and the chip causes stress
concentration and leads to cracks at the bonding interface to form an open circuit.

To address these problems, various technologies, such as alloying and surface treat-
ments, were developed. For instance, Cheng and Hsiao [13] tried to improve the oxidation
and interfacial corrosion resistance of Ag wires through the addition of Au and Pd. Guo
and Jong-Soo [14] revealed that doping with Pd can improve the bonding force of the wire
by increasing the interconnect reliability between the solder ball and the pad interface.
Tseng et al. [15] plated silver wires with gold to improve its oxidation resistance and me-
chanical properties. Fei-Yi et al. [16] galvanized aluminum bonding wires to control the
shape of the solder ball. However, new problems appeared with these treatments. After the
bonding wire was alloyed, its electrical and thermal conductivity decreased, which would
lead to an increase in manufacturing costs [17]. The thickness of the noble metal element
electroplated on the bonding wires was relatively large (~100 nm) and also expensive [18].
The application of a surface treatment affected the mechanical performance of the bonding
wires, thereby reducing the life of the package structure [16,19]. As a result, finding a
new anti-vulcanization processing method that combines low cost, facile operation, and
minimal influence on the bonding performance remains a challenge for the use of silver
bonding wires.

In this study, we develop a new cathodic passivation solution for the anti-vulcanization
treatment of silver bonding wires. Through the addition of palladium nitrate in solution,
the vulcanization resistance of the passivated wires is significantly improved. On the other
hand, the treatment also improved the surface wettability of the bonding wires on Au pads.
Therefore, the solder ball tends to form an obtuse angle instead of a sharp angle on the
pad, which is beneficial to reducing the interface stress concentration and improving the
bonding strength. This study could provide a way to improve the sulfidation resistance of
bonding wires with less impact on the bonding performance, and shows that wettability
modulation may be an effective way to improve the reliability of bonding interfaces.

2. Experiments

2.1. Preparation of the Materials

Silver alloy bonding wires with a diameter of 20 μm were purchased from Xinqipai
Electronic Technology Co., Ltd., Chongqing, China. The compositions of the silver alloy
bonding wires are shown in Table 1. A hydrotropic solution with 0.010 mol/L of chromium
acetate, 0.008 mol/L of trisodium citrate, 0.010 mol/L of sodium tartrate, 0.015 mol/L of
crystalline sodium acetate, and 0.140 mol/L of sodium hydroxide was used as the Pd-free
passivation solution. Another Pd-containing passivation solution was prepared by adding
0.001 mol/L of palladium nitrate to the Pd-free passivation solution.

Table 1. Compositions of the silver alloy bonding wires.

Element Ag (%) Fe (ppm) Pd (ppm) Mg (ppm) Si (ppm)

Content ≥99 ≤5 ≤1 ≤2 ≤1

2.2. Experimental Methods

Figure 1a provides an illustration of the cathodic passivation device. The silver alloy
bonding wire was sequentially immersed into the passivation solution and deionized water.
A current of 500 A/m2 was applied to the wires and the passivation solution. The wire is
the cathode. The wire was processed in the passivation solution for 5 s at 25 ◦C.

64



Materials 2022, 15, 2355

 

Figure 1. (a) Illustration of the cathodic passivation device. (b) Illustrations of the wire bond and the
shear force test.

Figure 1b shows a flow chart of the experimental procedures after the passivation
treatment. The original silver wires and the passivated wires in the Pd-free and Pd-
containing solutions were bonded onto Au pads (diameter = 50 μm) using an automatic
bonding tool (AW386, Ada Intelligent Equipment Co., Ltd., Foshan, China) for the ball
shear force test. The wires formed two bond points, the first being the ball bond and the
second being the wedge bond. The detailed bonding parameters are shown in Table 2. After
the bonding wires were attached on the Au pads, the cross-sections of the ball bonds on the
Au pads were observed by a scanning electron microscope (SEM, HITACHI SU8220, Tokyo,
Japan). Using a thrust tester (Condor Sigma, XYZTEC), the ball bonds were pushed away
from the Au pads, and the bonding strength was recorded. The fracture morphologies of
the Au pads after the shear tests were observed by the SEM.

Table 2. Bonding parameters for the silver bonding wires.

Parameters 1st Bond 2nd Bond

Bonding time (ms) 14 14
Power (mW) 55 80
Pressure (gf) 24 40

Bonding temperature (◦C) 150 150
Electronic flame-off current (mA) 28 0

Electronic flame-off time (μs) 530 0

The original silver wires and the passivated wires in the Pd-free and Pd-containing
solutions were placed in a sealed 3 × 3 × 3 cm3 box filled with ammonium sulfide gas
with a concentration of 0.3 μg/m3. The surface condition of the wires was recorded by an
optical microscope. Due to the small size of the silver alloy bonding wires, silver plates
with a thickness of 10 μm were passivated in the solutions using the same parameters. The
surfaces of the passivated silver plates were analyzed by X-ray photoelectron spectroscopy
(XPS, Escalab 250Xi).
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3. Results and Discussions

3.1. Vulcanization Resistance of the Passivated Silver Alloy Bonding Wires in Different Solutions

Figure 2 shows the surface of the passivated silver alloy bonding wires in different so-
lutions, before and after vulcanization in ammonium sulfide for 20 and 60 min. The surface
of the untreated silver alloy bonding wire turned yellow after 20 min of vulcanization, and
the surface was further vulcanized to dark red after 60 min. The surface of the silver alloy
bonding wire treated with the standard, Pd-free passivation solution turned pale yellow
after vulcanization for 20 min. After 60 min of vulcanization, the surface of the bonding
wire darkened further. The surface of the silver alloy bonding wire treated with the new
Pd-containing passivation solution after vulcanization for 60 min had the same appearance
and silver-white color as the surface of the wire before vulcanization. This result indicate
that the Pd-containing passivation solution provides better vulcanization resistance than
the Pd-free passivation solution.

 

Figure 2. Comparison of the surface of the passivated silver alloy bonding wires in different solutions,
before and after vulcanization for 20 and 60 min.
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3.2. Surface Analysis

Figure 3 shows the XPS spectra of the passivated silver plates in the Pd-free solution
after storage for 5 days. Peaks of Ag3d, O1s, Cr2p, and C1s electrons are apparent. The
Ag3d fine spectrum (Figure 3b) shows 2 characteristic peaks at binding energies of 368.40
and 374.40 eV, corresponding to the Ag3d5/2 and Ag3d3/2 electrons, respectively. It has
been reported that the peaks of Ag are at 368.2 eV [20] and 374.27 eV [21], and the peaks of
Ag2O are at 367.4 eV [22] and 373.90 eV [23], respectively. As the peaks of the Ag3d fine
spectrum in Figure 3b show highly symmetrical shapes, it can be concluded that most of the
Ag element is in the form of Ag, but not AgO. The Cr2p3/2 fine spectrum (Figure 3c) shows
2 characteristic peaks at binding energies of 577.28 and 576.30 eV, corresponding to Cr(OH)3
and Cr2O3, respectively [24–26], The peak of Cr is at 574.13 eV [27], which is not observed
in the spectrum in Figure 3. The Cr ions are present because they are in the passivation
solution. The O1s fine spectrum (Figure 4d) shows 3 characteristic peaks after peak fitting,
with binding energies of 532.00, 531.28 and 529.44 eV, respectively. The peak at 529.44 eV
corresponds to O2− [28], which indicates that the surface contains metallic oxides. The
peak at 531.28 eV corresponds to organic C–O and OH− [29,30], and the peak at 532.00 eV
corresponds to organic C=O and OH− [29,31]. These two peaks and the existence of the
C1s peak indicate that the surface of the passivated silver plate contains some residual
organics, which are difficult to avoid in XPS measurements [32]. Based on the XPS spectra,
it can be concluded the metallic species on the surface of the passivated silver plates in the
Pd-free solution are Ag, Cr(OH)3 and Cr2O3.

 

Figure 3. XPS spectra of the passivated silver plates in the Pd-free solution after storage for 5 days.
(a) Survey spectra; (b) Ag3d spectra; (c) Cr2p spectra; (d) O1s spectra.
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Figure 4. XPS spectra of the passivated silver plates in the Pd-containing solution after storage for
5 days. (a) Survey spectra; (b) Ag3d spectra; (c) Cr2p spectra; (d) O1s spectra; (e) Pd3d spectra.

Figure 4 shows the XPS spectra of the passivated silver plates in the Pd-containing
solution after storage for 5 days. Peaks of Ag3d, O1s, Pd3d, Cr2p, and C1s electrons can be
observed. The spectra of Ag3d (Figure 4b) and Cr2p (Figure 4c) are similar to that of the
passivated silver plates in the Pd-free solution. In the O1s fine spectrum (Figure 4d), the O2-

peak at 529.44 eV is relatively smaller than that in Figure 3d, as marked by the red arrow.
In Figure 4e, the Pd3d3/2 fine spectrum shows 2 characteristic peaks at 340.18 and 339.68 eV,
and the Pd3d5/2 fine spectrum shows 2 characteristic peaks at 334.85 and 334.41 eV. These
peaks correspond to Pd [33]. The peaks of PdO, PdO2 and PdO3 are at 336.90, 337.50 and
337.7 eV, respectively [34,35], which are not observed in the spectrum in Figure 4. Their
absence indicates that the Pd on the surface of the passivated silver plate is in the form of
Pd. Based on the XPS spectra, it can be concluded the metallic species on the surface of the
passivated silver plates in the Pd-containing solution mainly contains Ag, Cr(OH)3, Cr2O3
and Pd. Based on the XPS spectra, the relative atomic concentrations of different metallic
species on the surfaces of the passivated Ag plates are calculated and shown in Table 3. In
comparison, the surface of the silver plates in the Pd-containing solution contains a small
amount of Pd, and the concentrations of Ag and Cr2O3 have slightly decreased.

Table 3. Relative atomic concentrations of different metallic species on the surfaces of the passivated
Ag plates.

Treatment
Concentrations (in at. %)

Ag Cr(OH)3 Cr2O3 Pd

Passivated in Pd-free solution 68.8% 16.4% 9.2% -
Passivated in Pd-containing solution 62.3% 13.5% 8.4% 15.8%

3.3. Shear Tests of the Passivated Silver Alloy Bonding Wires in Different Solutions

Figure 5 shows the cross-section images of the bonded wires on the pads before the
shear force tests. As the wires are melted during the wire bonding process, the solder ball
and the pad form a contact angle, which are summarized in Table 4. For the untreated
wire (Figure 5a), the average contact angle is 104◦, whereas for the wires passivated in the
Pd-free solution (Figure 5b), the average contact angle is 136◦, corresponding to a lower
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wettability. As a result, the contact interface between the solder ball and the pad tends to
shrink, and eventually forms a sharp angle on the edge. Due to the stress concentration
caused by the sharp angle and the relatively low contact area, a low bonding strength can
be expected. For the wire passivated in the Pd-containing solution (Figure 5c), the average
contact angle decreased to 108◦, which is close to the contact angle of the untreated wires.

 

Figure 5. Cross-section images of the bonded wires on the pads before the shear force tests.
(a) Untreated wire. (b) Wire passivated in the Pd-free solution. (c) Wire passivated in the Pd-
containing solution.

Table 4. Measured contact angles of the bonded wires on the pads.

Wire Treatment Type
Contact Angle (◦)

Maximum Minimum Mean Standard Error

Untreated 113 93 104 8
Passivated in Pd-free solution 157 104 136 16

Passivated in Pd-containing solution 120 94 108 8

One possible reason for the different contact angles of the wires relates to the content of
elements on the surface of the wires. For the wires passivated in the Pd-containing solution,
there is a small amount of Pd on the surface. As revealed in previous studies [36–40],
the existence of noble metal elements, such as Pd, is beneficial for the oxidation and
vulcanization resistance of the Cu and Ag bonding wires. The presence of Pd in the
passivated layer might hinder the oxidation of the wires during the bonding process, which
decreases the surface energy and increases the wettability of the solder ball. Therefore,
smaller contact angles are formed.

Figure 6 shows the measured bonding strength of the wires. The untreated wires, the
wires passivated in the Pd-free solution, and the wires passivated in the Pd-containing
solution. fractured at mean shear forces of 0.30, 0.20, and 0.27 N, respectively. Through the
use of the Pd-containing solution for passivation, the strength of the treated bonding wire
increased by 35%, compared to the wire treated in the standard Pd-free solution.

Figure 7 shows the fracture surface of the untreated silver alloy bonding wires and
silver alloy bonding wires passivated in different solutions. For the untreated wires, the
whole fracture surface is covered by striped fracture patterns, indicating a good intercon-
nection between the bonding wire and the pad. The average bond force is relatively high
(0.30 N). For the passivated wire in the Pd-free solution, only half of the fracture surface is
covered with the fracture pattern, and the other half of the surface retains the original flat
morphology. The presence of some of the original morphology indicates that the bonding
wire has not made sufficient contact with the pad. The average bond force is relatively low
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(0.20 N). For the wire passivated in the Pd-containing solution, the fracture surface is almost
completely covered with the fracture pattern, indicating a good interconnection between
the bonding wire and the pad. The average bond force is close to that of the untreated
wires (0.27 N).

 
Figure 6. Bonding strength of the untreated silver alloy bonding wires and the silver alloy bonding
wires passivated in different solutions.

 

Figure 7. Fracture surface of the untreated and passivated silver alloy bonding wires in different
solutions. (a) Untreated wire. (b) Wire passivated in the Pd-free solution. (c) Wire passivated in the
Pd-containing solution.

Based on the measured contact angles and bonding strength, it can be found that a
smaller contact angle corresponds to a higher strength. This is because the obtuse angle
between the solder ball and the pad is beneficial to reducing the stress concentration on the
interface. These results indicate that wettability modulation may be an effective way to
improve the interface reliability of wire bonding.

Based on the above results and discussion, the improved vulcanization resistance and
bonding performance of the silver alloy bonding wires passivated in the Pd-containing
solution can be reasonably understood. The results show that Pd plays a key role in
improving the performance of the bonding wire. If Pd is added to the bonding wire by
alloying, the required amount of Pd is relatively high, which adds to product cost and may
lead to problematic inhomogeneous compositions. In comparison, the cathodic passivation
method has the advantages of simple processing, fast reaction times, reduced material
consumption, and applicability for different material components.
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4. Conclusions

A cathodic passivation solution with palladium nitrate has been developed to improve
the resistance to vulcanization while retaining the bonding performance of silver alloy
bonding wires. For the passivated wires treated with a Pd-free solution, the vulcaniza-
tion resistance is improved, but the bonding strength of the wire significantly decreases
from 0.30 to 0.20 N. With the addition of palladium nitrate to the passivation solution,
the surface of the wire can maintain its original silver-white color after vulcanization in
0.3 μg/m3 of ammonium sulfide for 60 min. The wettability of the wires is improved, as
the contact angle between the solder balls and the Au pad decreases from 136◦ to 108◦. The
bonding strength of the wire is 0.27 N, 35% stronger than the wire treated with the Pd-free
solution. The cathodic passivation treatment in the Pd-containing solution in this study
provides an effective and facile method for the improvement of the properties of silver
alloy bonding wires.
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Abstract: The microstructure and precipitate evolution of as-cast Mg–Nd alloys with different
contents of Nd was investigated via experimental and simulation methods. The research showed
that the as-cast microstructure of Mg–Nd alloy consisted of α-Mg dendrites and the intermetallic
phases. A metastable β phase precipitated, followed by α-Mg dendrites that could be confirmed as
Mg12Nd by X-ray diffraction (XRD) analysis. The amount of β-Mg12Nd presented a rising trend with
increasing Nd additions. In addition, the tertiary phase was also observed in as-cast Mg–Nd alloy
when Nd content was greater than 3 wt.%, which precipitated from the oversaturated α-Mg matrix.
The tertiary phase should be β1-Mg3Nd, which is also a metastable phase with a face-centered cubic
lattice. However, it is a pity that the tertiary phase was not detected by the XRD technique. Moreover,
an effective cellular automaton (CA) model was explored and applied to simulate the time-dependent
α-Mg/β1-Mg3Nd eutectic growth. The simulated results of α-Mg/β1-Mg3Nd eutectic growth in
Mg-3Nd presented that the growth of α-Mg dendrites was accompanied by the nucleation and growth
of β1-Mg3Nd precipitates and eventually formed a eutectic structure. The eutectic morphologies for
Mg–Nd system alloys with different Nd contents were also simulated using the proposed model,
and the results revealed that α-Mg dendrite was a refinement, and the amount of α-Mg/β1-Mg3Nd
eutectic was promoted, with increasing Nd content.

Keywords: Mg–Nd alloy; microstructure; precipitate; eutectic growth; modelling and simulation

1. Introduction

Magnesium (Mg) and its alloys have received increasing attention in recent years
due to their low-density, high specific strength and excellent creep resistance [1–3]. The
abundance of magnesium in the earth’s crust and the potential low-cost make it a viable
alternative to steels or aluminum alloys for structural components in the automotive,
aerospace and electronics industries [4,5]. However, Mg and Mg alloys suffer from poor
mechanical properties, corrosion resistance and high-temperature strength because the
hexagonal close-packed (HCP) structure leads to insufficient slip systems, strong basal
texture and poor plasticity [6–8]. Improvements to these deficient properties of Mg alloys
could be achieved through alloying and the consequent heat treatment, in particular
through adding alloyed elements to fine grains and increasing the amount of precipitates
and solid solution [9,10].

Recently, many studies have focused on the modification of the alloy elements, with a
special emphasis on additions to improve the mechanical properties of Mg alloys. Alloys
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such as Mg–Al [11], Mg–Zn [12], Mg–Zr [13] and Mg–RE (rare earth) [14] system alloys
have been developed towards the high creep resistance. Among them, Mg–RE alloys were
attractive due to their remarkable age-hardening response, excellent creep resistance and
good formability [15]. Specifically, Mg–Gd [16], Mg–Y [17] and Mg–Nd [18] are the most
common heat-resistant Mg alloys. Over the past few decades, more and more research
information concerning Mg–Nd alloy both experimentally and theoretically have been
extensively reported in the literature. Yan et al. [19] investigated the creep behavior of
Mg-2Nd alloy under different temperature and applied stress conditions and found that
this alloy exhibited good creep resistance due to both solution hardening and, especially,
precipitation hardening. Hantzsche et al. [20] systematically evaluated the effect of Ce,
Nd and Y additions on the microstructure and texture development in Mg–RE alloys, and
the authors concluded that the amount of the RE addition required for sufficient texture
weakening was connected with the solid solubility of the respective element. Zhu et al. [21]
investigated the relationship between the microstructure and creep resistance in Mg–RE
alloys, and the authors reckoned that the strengthening of α-Mg matrix by solid solution
and/or precipitation was more important than grain boundary reinforcement by intermetal-
lic phases for the creep resistance of Mg–RE alloys. Liu et al. [22] studied the effect of Al
content on the microstructure and mechanical properties of as-cast Mg–5Nd alloys, and the
results indicated that Al additions could significantly lead to the grain refinement of Mg–
5Nd alloy and ascribed the greatly improved mechanical properties to the refined grains
and secondary phase strengthening. It is well known that microstructures are the strategic
link between a material’s process and performance, and, thus, further investigation of the
detailed interaction between the microstructure and the properties of Mg–Nd alloys is of
great importance to control the desirable microstructure and improve the performance.

In addition, some recent reports [23–25] displayed that the high strength and good creep
resistance of Mg–Nd alloy resulted from the formation of fine precipitates of metastable
phases. Thus, a deep understanding of precipitated behavior in Mg–Nd alloy may provide
a capability for the rational design of composition and processes to improve the perfor-
mance of Mg–Nd alloy. However, the precipitation sequence of Mg–Nd alloys remains
controversial and have been the topic of a number of experimental and computational
studies. Saito et al. [26] observed the microstructure of precipitates formed in an Mg–0.5Nd
alloy by high-angle annular detector dark-field scanning transmission electron microscopy,
and the results indicated that the precipitation sequence could be Mg-solution → GP-zone
→ β′ (Mg7Nd, orthorhombic) → β1 (Mg3Nd, FCC). Liu et al. [27] developed a phase-field
model to examine the heterogeneous nucleation of β1 precipitates in Mg–0.5 at.% Nd alloy,
and the authors found that β1 precipitated as ultra-thin laths with abnormally large aspect
ratios under the influence of the stress field of a screw dislocation. Zhu et al. [28] presented
the formation of linear-chain distribution features of precipitates in Mg–Nd alloys, and
the results showed that the configuration consists of bamboo trunks of β1 variants and
trunk connections of a hexagonal lattice β2 phase. Natarajan et al. [29] reported a combined
computational and experimental study of phase stability and precipitation in Mg–Nd alloys,
and the results supported the following precipitation sequence for binary Mg–Nd alloys:
SSSS (supersaturated solid solutions) → GP zones (Guinier–Preston zones, hexagons) →
β′ ′ ′ → β1 (Mg3Nd) → β (Mg12Nd) → βe (Mg41Nd5). Considering the studies mentioned
above, precipitation has long been considered one of the most effective approaches for
manipulating the kinetics and homogeneity in Mg–Nd alloys, and the related research
has made significant progress over the past few years. However, the microstructure and
precipitate controls in Mg–Nd alloys are still challenges due to the complex precipitation
behavior, especially in the as-cast alloys. Therefore, a further study is needed for the
satisfied microstructures and accurate precipitates in Mg–Nd system alloys.

The aim of the present work was to investigate the microstructure and precipitate
development in as-cast Mg–Nd alloys using combined experimental and computational
methods during the solidification process. The influence of different Nd additions on the
microstructure and precipitate morphologies was examined using an optical microscope
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(OM) (ZEISS, Oberkochen, Baden Wurttemberg, Germany) and a scanning electron mi-
croscope (SEM) (FEI Company, Hillsboro, ORE, USA). Chemical composition and phase
characterization were also performed by the energy-dispersive spectroscopy (EDS) and
X-ray diffraction (XRD) techniques. In addition, an effective model for predicting eutectic
evolution behavior in Mg–Nd system alloys was established, and the eutectic growth and
the final morphologies were simulated to analyze the effects of the Nd additions.

2. Experimental Procedure and Simulation Method

2.1. Materials and Experimental Methods

The experimental materials employed in this work were Mg–x Nd (x = 1, 2, 3, 4, 5, 6
and 7, wt.%) system alloys, which were prepared in a 60 KW level electric resistance furnace
(Henan Sante Furnace Technology Co., Ltd., Luoyang, Henan, China) under the protection
of a mixed gas atmosphere of 1% SF6 and 99% CO2. The high-purity Mg (99.98 wt.%)
(Luoyang Maige Magnesium Industry Co., Ltd., Luoyang, Henan, China) was preheated to
150 ◦C for several minutes to displace the moisture and then melted at 750 ◦C. When the
pure Mg melted sufficiently, the temperature was elevated to 780 ◦C and moderate Mg-20
wt.% Nd master alloy was added. After being stirred to remove slag for 10 min, the melting
alloy then stood for 30 min at 750 ◦C. Subsequently, the power was cut off, the melting
alloy cooled to ~720 ◦C, and it was then poured into a mild steel mold (80 mm in diameter,
preheated to ~300 ◦C), which was covered with a mold release agent (boron nitride) (Hefei
Kejing Material Technology Co., Ltd., Hefei, Anhui, China). The filled mold then cooled in
the air until the melting alloy was completely solidified. The as-cast ingots were machined
and polished, and the chemical compositions were measured using energy-dispersive X-ray
fluorescence (EDXRF). The results as well as the designed compositions are listed in Table 1.

Table 1. Chemical compositions of Mg–x Nd alloys.

Alloys
Designed Compositions Analyzed Compositions

Nd (wt.%) Mg Nd (wt.%) Mg

Mg–1 Nd 1 Bal. 0.95 Bal.
Mg–2 Nd 2 Bal. 1.98 Bal.
Mg–3 Nd 3 Bal. 3.10 Bal.
Mg–4 Nd 4 Bal. 3.92 Bal.
Mg–5 Nd 5 Bal. 4.85 Bal.
Mg–6 Nd 6 Bal. 5.89 Bal.
Mg–7 Nd 7 Bal. 6.92 Bal.

The samples for microstructural analysis were ground, mechanically polished and
then etched with a mixture of 5% HNO3 and 95% ethanol. The microstructures were
characterized by an optical microscope equipped with a digital camera, and the precipitated
phases were observed using a focused ion beam-scanning electron microscope (FIB-SEM,
FEI Helios Nanolab 600i) (FEI Company, Hillsboro, ORE, USA) at 15 kV with a working
distance of 4 mm. The precipitates were qualitatively analyzed using X-ray diffraction
(XRD, TDF-3000, Dandong Tongda Science & Technology Co., Ltd., Dandong, China),
and a microanalysis was performed on the different phases in the microstructure using
energy-dispersive X-ray spectroscopy (EDS) equipped with an EDS detector (EDAX Inc.,
Philadelphia, PA, USA) for elemental analysis. The volume fraction and average size of
the secondary phase were statistically measured using OM micrographs captured from
different regions and calculated by Image-Pro Plus software (Version 6.0, Media Cybernetics,
Inc., Los Angeles, CA, USA). Partial thermophysical parameters (thermal conductivity and
specific heat) were measured at different temperatures, and the results provided access to
the data needed in the simulations.
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2.2. Model Description and Simulation Parameters

According to the references [19,30], the microstructure of as-cast Mg–Nd alloy consists
of α-Mg matrix and divorced eutectic Mg12Nd (β phase). Other reports [31,32], however,
have shown that the intermetallic phase formed in the eutectic was Mg3Nd (β1 phase) in
as-cast Mg–Nd alloy, and the eutectic presented a lamellar structure. The β and β1 are both
metastable precipitates; the β phase has a body-centered tetragonal structure (a = 1.031 nm,
c = 0.593 nm) and the β1 phase has a face-centered cubic lattice (a = 0.74 nm). In this
study, we mainly focused on the modelling and simulation for the eutectic formation of
α-Mg matrix and β1-Mg3Nd precipitates. The detailed analytical model of lamellar and
rod eutectic growth was first established by Jackson and Hunt (JH) in 1966 [33]. In the
last decades, numerous researchers developed the JH model for investigating the eutectic
growth mechanism. Although great progress has been made in the study of eutectic growth
behavior, it must be pointed out that the knowledge and quantitative understanding of
eutectic formation in the final solidification stage is still limited. Following the models
established by JH and other researchers, a cellular automaton (CA) model was presented
to investigate the evolution behavior of the α-Mg/β1 eutectic structure in Mg–Nd system
alloys. Figure 1 shows the schematic diagrams of the lattice correspondence of α-Mg
with β1 and the lamellar eutectic at the dendrite tip. In Figure 1b, Sα and Sβ1 represent
half the widths of the α and β1 phases, respectively, and v is the growth velocity of the
lamellar eutectic.

 

Figure 1. (a) Lattice vectors corresponding to the (011) β1 and (0001) α planes of β1 and α-Mg [34];
(b) schematic diagram of the lamellar eutectic structure at the eutectic dendrite tip region [35].

Solute diffusion is very important in determining eutectic growth. In this work, solute
diffusion along y direction was ignored, and the solute field in liquid is given by:

∂2C
∂x2 +

∂2C
∂z2 +

v
D

∂C
∂z

= 0, (1)

where C is the solute concentration in the liquid. The general periodic solution of the
diffusion equation can be characterized by the following equation:

C = C∞ +
∞

∑
n=0

Bne−ωez cos(bnx), (2)

where C∞ is the solute concentration in the liquid far from the interface, bn = nπ/(Sα + Sβ1),

and ωe = (v/2D) + [(v/2D)2b2
n]

1/2
. The coefficient Bn is obtained from the boundary

conditions at the interface:

−
(

∂C
∂z

)
z=0

=
( v

D

)
C(x, 0)(1 − kα)(α−Mg), (3)
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−
(

∂C
∂z

)
z=0

= −
( v

D

)
[1 − C(x, 0)]

(
1 − kβ1

)
(β1 phase), (4)

where C(x, 0) is the interface concentration along the α or β1 phase, and kα and kβ1 are the
solute distribution coefficients in the α and β1 phases, respectively.

The growth kinetics are determined by the local undercooling (ΔT), which consists of
thermal, constitutional and curvature effects that can be defined as:

ΔT = ΔTe + mi(ω − ωe)− ΓiKi, (5)

where ΔTe is the metastable condition eutectic undercooling, mi is the liquidus slope
(i denotes the α or β1 phase), ω is the concentration of the interfacial cell, Γi is the Gibbs–
Thomson coefficient of the i phase and Ki is the mean curvature of the interfacial cell, which
can be approximately given by:

Ki =

[
1 − 2

(
fs,i +

N

∑
j=1

f j
s,i

)
/(N + 1)

]
/Δx, (6)

where fs,i and f j
s,i are the solid fraction of the i phase in the interfacial cell and its neighboring

cells, respectively. N is the number of neighboring cells, which is equal to 8 in the actual
calculations, Δx is the cell size and the growth velocity, v, can be analytically expressed as:

v = ai · (ΔT)2, (7)

where ai is the growth kinetic coefficient, and the value is 2.9 (μm·s−1·K−2) for the non-
faceted α phase, while it is 5.8 (μm·s−1·K−2) for the faceted β1 phase [36]. The solid fraction
of the α or β1 phase is calculated separately by the following equations:

Δ fs,α = v · Δtn/Δx, (8)

Δ fs,β = cos θ · v · Δtn/Δx, (9)

where Δtn is the time step, and θ is the angle between the growth direction and the linking
line, which is between the interfacial cell and the position of the nucleus of the β1 phase.

Some thermophysical parameters of Mg–Nd system alloys were calculated by JmatPro
software (CnTech Co., Ltd., Version 6.1, Shanghai, China), and they were compared with
the experimental results, as shown in Figure 2. It can be seen that the density increases
with the Nd additions, as the density of Nd is greater than that of Mg, and the values vary
between 1.55 and 1.85 g/cm3. Meanwhile, in Figure 2c, the thermal conductivity decreases
with increases in Nd content. The diffusion coefficient is shown in Figure 2b; the order
of magnitude is ~10−9 in liquid, and it is ~10−12 in solid. In addition, the experimental
measured results of the thermal conductivity and specific heat (shown in Figure 2e,f) fit
well with the calculated results (Figure 2c,d). However, due to the limitation of JmatPro
software, an optimized table look-up technique was adopted to obtain the parameters that
were needed in the simulations, as shown in Table 2.

Table 2. Thermophysical parameters of Mg–Nd alloy from Refs [31,36–38].

Definition and Units Values

Eutectic temperature (◦C) 552
Eutectic composition (wt.%) 33
Liquid slope mα (◦C/wt.%) −5.1
Liquid slope mβ1 (◦C/wt.%) 13.2

Gibbs–Thomson coefficient of α-Mg (m·K) 6.2 × 10−7

Gibbs–Thomson coefficient of the β1 phase (m·K) 1.7 × 10−7

Solute distribution coefficient of α-Mg 0.4
Solute distribution coefficient of the β1 phase 0.113
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Figure 2. Thermophysical parameters of Mg–Nd system alloys: (a) density; (b) total diffusivity;
(c,e) thermal conductivity, obtained by calculation and experiment; (d,f) specific heat, obtained by
calculation and experiment.

3. Results and Discussion

3.1. Microstructure and Precipitate Morphologies

Low- and high-magnification optical micrographs of the microstructure and secondary
phase morphologies in different Mg–Nd alloys are shown in Figure 3a–g, which presents
the volume fractions and average sizes of the secondary phase variation in the Mg–Nd
system alloys. It can be seen that the microstructure of Mg–Nd alloy consists of the dendritic
α-Mg and a secondary phase (pointed by black arrows). The secondary phase is a Mg12Nd
intermetallic compound, which is a metastable phase and always exists in the as-solidified
alloys [19]. It is worth noting that the amount of secondary phase increases with Nd
additions, and their morphologies change from blocky-shaped particles to a continuous
network structure. According to previous reports [39–41] the maximum solubility of Nd in
Mg is ~3.6 wt.% at the eutectic temperature (552 ◦C), while regarding the Mg–Nd binary
phase diagram [42], Nd has the maximum solid solubility in Mg at ~548 ± 2 ◦C and almost
zero at room temperature. Therefore, the solid solution of Nd in the Mg matrix is easy to
saturate, and, as the Nd content increases, some of the Nd element does not go into the
solid solution; it then exists in the form of a secondary phase, which always distributes
discontinuously along the grain boundary. Due to the rapid growth of secondary phase
along grain boundary, Nd-free bands are produced near the grain boundaries. In addition,
it is observed that the microstructure of Mg–6Nd alloy consists of an obvious dendritic
structure and network intermetallic phase (Figure 3f), which is consistent with those of
a previous study [19]. The quantitative statistical results demonstrated that the volume
fraction of the secondary phase increased from 0.95 % in Mg–1Nd to 20.04% in Mg–7Nd
(Figure 3h). The average size of the secondary phase presented a relatively stable interval
when Nd content was lower than 5 wt.%, and the value was approximately 4.91–10.41 μm,
while the average size significantly increased to ~38.36 μm in Mg–6Nd alloy and decreased
to ~22.03 μm when the content of Nd increased to 7 wt.% (Figure 3i). In addition, according
to the study [19], the addition of Nd to Mg caused a significant improvement in the creep
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properties and the creep resistance increased with the increase in Nd addition, which is
accounted for by the combination of precipitation and solid solution hardening.

 

Figure 3. Low- and high-magnification optical micrographs of the microstructure and the sec-
ondary phase in different Mg–Nd system alloys: (a) Mg-1Nd; (b) Mg-2Nd; (c) Mg-3Nd; (d) Mg-4Nd;
(e) Mg-5Nd; (f) Mg-6Nd; (g) Mg-7Nd; (h,i) the volume fraction and average size of secondary phase
variation in Mg–Nd system alloys, respectively.

In order to observe the precipitate development in Mg–Nd system alloys more clearly,
FIB-SEM examinations were performed, as shown in Figure 4. SEM images are able to
provide a good contrast between intermetallic or eutectic phases and the α-Mg matrix. The
contrast among different phases in the microstructure was exploited to obtain different
grayscale images from which the intermetallic or eutectic phases and α-Mg matrix were
determined. It can be seen that the lower Nd content alloys (Mg–1Nd and Mg–2Nd in
Figure 4a,b) are mainly composed of two different phases, i.e., α-Mg and a secondary
phase (β phase, Mg12Nd), which is in agreement with the OM observations mentioned
above. The formation of a secondary phase is due to the non-equilibrium solidification of
Nd in α-Mg being oversaturated, and part of the Nd forms divorced eutectic β-Mg12Nd
instead of precipitating in the as-cast alloys. With the increasing of Nd additions, however,
a number of tiny precipitates form from the oversaturated α-Mg matrix, temporarily
named the tertiary phase (marked by black arrows in Figure 4c,f). Based on the previous
reports [28,31], the tertiary phase might be a β1 phase (Mg3Nd), and the microstructure
of this alloy, in fact, contains a eutectic mixture of the intermetallic phase and α-Mg. It
is noted that the result is quite different from previous studies [6,19,30], which have only
found the divorced Mg12Nd intermetallic in the as-cast binary Mg–Nd alloys. In addition,
according to the Mg–Nd binary phase diagram [42], a β1-Mg3Nd phase tends to form in
the high-Nd-content alloys, for example, in the master alloy with the Nd content over
20 wt. %. Nevertheless, at the relatively low content of Nd, Mg3Nd could also form at
a higher cooling rate [31], in an extruded state Mg–Nd alloy [32] or after high-pressure
torsion [43]. The β1 is also a metastable phase and presents a zigzag structure that seems to
have precipitated homogeneously in the α-Mg matrix. The morphology and distribution
of the β1 phase changed with Nd contents, and the morphology of β1 phase in the lower
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Nd content alloys is obviously different from that in the Mg–7 Nd alloy (Figure 4g). The
variation may be due to the different interaction mechanism between strain and dislocation
in different Nd addition alloys.

 

Figure 4. Low- and high-magnification SEM images of precipitate development in Mg–Nd system
alloys: (a) Mg-1Nd; (b) Mg-2Nd; (c) Mg-3Nd; (d) Mg-4Nd; (e) Mg-5Nd; (f) Mg-6Nd; (g) Mg-7Nd.

3.2. Chemical Composition and Phase Characterization

Figures 5 and 6 present the micrographs and chemical composition analysis of Mg–
3Nd and Mg–6Nd alloys, respectively. The elemental mappings in Figure 5b,c indicate
that the secondary phase is rich in Nd, and the matrix is mainly composed of Mg element,
where the lighter pixels represent a higher element content, and the darker ones illustrate
a lower element content. Nevertheless, it is hard to identify the element distribution of
the tertiary phase in elemental mappings, and a similar phenomenon could be found
in Figure 6b,c. In addition, the impurity elements, such as Fe and P, were not detected,
which was probably due to artifacts, such as a peak overlap in the EDS mappings. In
addition, with the increasing Nd content, the enrichment of Nd presents semi-continuously
intermixed with the Mg matrix. In order to obtain further insight into the distribution of
chemical elements, EDS analysis was pursued. Figures 5d–f and 6d–f display the point
EDS results in the secondary phase (light-grey region, Point 1 in the figures) and Mg
matrix (dark-grey region, Point 2 in the figures). Since the point EDS actually measured
the composition in a region larger than the spots in both Mg–3Nd and Mg–6Nd alloys, the
analysis included a portion of the matrix and a number of particles. It can be seen that
the elemental composition at Point 1 and Point 2 in Mg–3Nd alloy were approximately
78.29 wt.% Mg and 27.11 wt.% Nd and 97.48 wt.% Mg and2.52 wt.% Nd, respectively, while
it was about 69.46 wt.% Mg and 30.54 wt.% Nd and 97.39 wt.% Mg and 2.61 wt.% Nd in
Mg–6Nd alloy. The amount of Nd in the matrix presents a relatively small change between
Mg–3Nd and Mg–6Nd alloys, and this is because the additional amount of Nd is more
than its solubility limit in both alloys. It should be noted here that the point EDS analysis
shows that Fe element was detected in both alloys, which most likely derived from the raw
materials or the tools used for melting and casting, such as the steel mold and stirring tool.
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Figure 5. Micrographs and chemical composition analysis of Mg–3Nd alloy: (a–c) BSE image and
corresponding elemental mappings; (d–f) SEM image and point EDS results of the secondary phase
and Mg matrix.

 

Figure 6. Micrographs and chemical composition analysis of Mg–6Nd alloy: (a–c) BSE image and
corresponding elemental mappings; (d–f) SEM image and point EDS results of the secondary phase
and Mg matrix.

Figure 7 displays the X-ray diffraction patterns of Mg–Nd system alloys. It can be
seen that all the peaks are indexed as arising from two different phases, i.e., α-Mg and
β-Mg12Nd, which is consistent with the OM observations in Figure 2. The β-Mg12Nd is
a metastable phase, and its amount increases with the Nd levels, based on the statistical
results mentioned above. Other reports [18,44,45], however, indicated that the βe-Mg41Nd5
phase could also be detected in the as-extruded Mg–Nd alloys and at high temperatures.
Actually, the sequence and type of precipitation are affected by the alloy state, solidifi-
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cation condition, heat treatment process, etc. In the present work, the β-Mg12Nd phase
easily formed in the as-cast Mg–Nd alloys under the determined solidification condition.
Regrettably, the tertiary phase was not detected in all Mg–Nd system alloys; this may be
because the amount of tertiary phase was less and the volume was small in the as-cast
Mg–Nd system alloys. According to the analysis and deduction above in this work, the
tertiary phase (β1-Mg3Nd) is a metastable eutectic phase that likely precipitates from the
supersaturated α-Mg during cooling after casting. In addition, the metastable intermetallic
phases (β or β1) would transform to the equilibrium phase at a certain temperature during
heating, such as under the subsequent solution and aging conditions.

 
Figure 7. X-ray diffraction patterns of Mg–Nd system alloys.

3.3. Simulation of Eutectic Growth and Development

In this section, to provide further investigation of the evolution behavior of the eutectic
in Mg–Nd system alloys, the proposed CA model was applied to simulate the α-Mg/β1-
Mg3Nd eutectic growth and morphologies. The corresponding parameters used in the
simulation cases are shown in Figure 2 and Table 2, some of which vary with the solidifica-
tion conditions. As a representative, Mg-3Nd alloy was selected to illustrate the growth
process of the eutectic structure, and the simulation results are shown in Figure 8. A
square-shaped domain was used for the simulation cases consisting of 400 × 400 cells. No
mass flux conditions were imposed at the calculation boundaries, and the temperature
was constant. The total eutectic nuclei number was equal to 50 in the simulation case,
with randomly assigned locations and preferential growth orientations. The red color in
Figure 8 represents the α-Mg dendrites, the yellow color represents the β1-Mg3Nd pre-
cipitates and the blue color represents the liquid phase. Initially, the nucleated grains are
randomly distributed in the calculation domain, and the α-Mg dendrites start to develop
along the preferential growth orientations that present a petaliform morphology. It can
be seen that the growth of α-Mg dendrites is accompanied by the nucleation and growth
of β1-Mg3Nd precipitates and eventually forms the eutectic structure. The β1-Mg3Nd
precipitates tend to be suppressed by the faster-growing α-Mg dendrites, resulting in the
discontinuous growth of β1. Actually, the eutectic growth mainly depends on the solute
distribution. With the continuous solidification of the liquid alloy, excess solute is rejected
into the melt, and the interaction effects of the solute field between the adjacent α-Mg
dendrites are intensified (Figure 8b,c). The β1-Mg3Nd will absorb amounts of solute from
the surrounding liquid and nucleate at grain boundaries. It can be seen that β1-Mg3Nd
precipitates at grain boundaries present the zigzag shape (Figure 8d,e), which is consistent
with the experimental observations in Section 3.1. Figure 8f shows the final morphology of
the α-Mg/β1-Mg3Nd eutectic structure. It can be found that most β1-Mg3Nd precipitates
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distribute along the grain boundaries and form interconnected networks. In addition, it
is also noticeable that the β1-Mg3Nd precipitates formed at the α-Mg dendritic arms are
eliminated or decreased; this is probably because β1 is a metastable phase, and it will be
dissolved as the temperature drops lower. The divorced eutectic β-Mg12Nd also has an
important influence on the formation of β1-Mg3Nd at grain boundaries, which are limited
by the proposed CA model; however, the microstructure in the simulation results do not
contain the divorced eutectic β-Mg12Nd.

 

Figure 8. Simulation results of α-Mg/β1-Mg3Nd eutectic growth for Mg-3Nd alloy at various times:
(a) 0.27 s; (b) 0.53 s; (c) 0.82 s; (d) 1.15 s; (e) 1.53 s; (f) 2.21s.

In order to investigate the effect of Nd additions on the α-Mg/β1-Mg3Nd eutectic,
simulation cases with various Nd contents were performed, and the simulation results are
shown in Figure 9. In the Mg–Nd system alloy, α-Mg is the faster growing phase, and the
volume fraction of β1-Mg3Nd in the eutectic structure is very small; thus, it is difficult to
describe this intermetallic phase when the content of Nd is lower. Therefore, Mg–Nd system
alloys containing 4 wt.%, 5 wt.%, 6 wt.% and 7 wt.% were selected for the simulations. It
can be observed that the eutectic morphologies with different Nd contents have a similar
characteristic, consisting of α-Mg dendrites, zigzag-shaped β1-Mg3Nd at grain boundaries
and rod-like β1-Mg3Nd in the dendritic regions. As the Nd content increases, the α-Mg
dendrite is refined, and the amount of the eutectic structure is clearly promoted. In
addition, as the eutectic fraction increases with the Nd content, the morphologies undergo
a prominent transition from isolated zigzag or rod-like shapes to interconnected networks.
The proposed model incorporated several aspects, including growth algorithms, kinetics
and solute diffusion, to achieve the eutectic growth mechanism for Mg–Nd system alloys.
It can be seen that the simulation and experimental results presented a good agreement,
indicating that this model can successfully reproduce the eutectic growth of Mg–Nd system
alloys. As known to us, in addition to the influence of alloying elements, other factors such
as the cooling rate and undercooling also have significant effects on the eutectic growth.
However, due to the limitation of the established model and technical algorithm, this study
only focused on the α-Mg/β1-Mg3Nd eutectic development with the Nd additions. In
our following work, we will make an effort to investigate the precipitation mechanism of
β1-Mg3Nd to further improve the simulation precision.
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Figure 9. Simulation results of α-Mg/β1-Mg3Nd eutectic morphologies for Mg–Nd system alloys:
(a) Mg-4Nd; (b) Mg-5Nd (c) Mg-6Nd; (d) Mg-7Nd.

4. Conclusions

In this work, experimental and computational methods were used to investigate the
microstructure and precipitate development in as-cast Mg–Nd system alloys. OM, SEM
and XRD analyses were performed, and a eutectic growth model was established. The
main conclusions are shown as follows:

(1) The Mg–Nd alloys with different Nd contents (1, 2, 3, 4, 5, 6 and 7 wt.%) were
prepared, and the microstructure and precipitate development in Mg–Nd system alloys was
observed by OM and SEM techniques. According to the OM micrographs, the microstruc-
ture of Mg–Nd alloy consisted of α-Mg dendrites and the secondary phase, and the amount
of secondary phase presented an increasing trend with the increasing Nd additions. SEM
images indicated that a tertiary phase precipitated from the oversaturated α-Mg matrix in
the higher Nd content alloys, and this is different from the previous studies, which only
found a divorced eutectic Mg12Nd in as-cast Mg–Nd alloys.

(2) Chemical composition and phase characterizations were performed by EDS and
XRD methods, respectively. The point EDS results indicated that the Nd content in the α-Mg
matrix presented a relatively small change between Mg–3Nd and Mg–6Nd alloys, as the
additional amount of Nd was more than the solubility limit in both alloys. The secondary
phase was further confirmed to be Mg12Nd by XRD analysis. Regrettably, the tertiary phase
was not detected in all Mg–Nd system alloys; this may be because the amount of tertiary
phase was less and the volume was small in the as-cast alloys.

(3) An effective CA model was explored, with the advantage of describing the time-
dependent α-Mg/β1-Mg3Nd eutectic growth. The α-Mg/β1-Mg3Nd eutectic growth in
Mg–3Nd alloy was simulated using the proposed CA model, and the simulated results
revealed that the growth of α-Mg dendrites was accompanied by the nucleation and growth
of β1-Mg3Nd precipitates and eventually formed the eutectic structure. In addition, eutectic
morphologies for Mg–Nd system alloys with different Nd contents were also simulated,
and the results indicated that the α-Mg dendrite was refined and the amount of α-Mg/β1-
Mg3Nd eutectic was promoted with an increase in the Nd content.
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Abstract: This paper addresses the study of the complex effect of alloying elements (magnesium,
manganese, copper and zirconium) on changes in magnesium-rich aluminum alloy composition, fine
and coarse particle size and number, recrystallization characteristics and mechanical properties. The
data obtained made it possible to analyze change in the chemical composition, sizes of intermetallic
compounds and dispersoids depending on alloying elements content. The effect of the chemical
composition on the driving force and the number of recrystallization nuclei was studied. It was
established that the addition of alloying elements leads to grain refinement, including through
the activation of a particle-stimulated nucleation mechanism. As a result, with Mg increase from
4 to 5%, addition of 0.5% Mn and 0.5% Cu, the grain size decreased from 72 to 15 μm. Grain
refinement occurred due to an increase in the number of particle-stimulated nuclei, the number of
which at minimal alloying rose from 3.47 × 1011 to 81.2 × 1011 with the maximum concentration
of Mg, Mn, Cu additives. The retarding force of recrystallization, which in the original alloy was
1.57 × 10−3 N/m2, increased to 5.49 × 10−3 N/m2 at maximum alloying. The influence of copper
was especially noticeable, the introduction of 0.5% increasing the retarding force of recrystallization
by 2.39 × 10−3 N/m2. This is due to the fact that copper has the most significant effect on the size
and number of intermetallic particles. It was established that strength increase without ductility
change occurs when magnesium, manganese and copper content increases.

Keywords: aluminum; recrystallization; microstructure-property characterization simulation and
modeling; heat treatment and surface treatment

1. Introduction

Aluminum is one of the most commonly used metals in modern industry [1–12]. Alu-
minum alloys with a high magnesium content are very popular multifunctional alloys, and
are used in the automotive industry, shipbuilding, aerospace engineering and the packag-
ing industry [13–18]. The advantages of these alloys include strength, corrosion resistance,
weldability and ductility, and the absence of yield plateau [19,20]. Attainment of these
characteristics is possible only with the correct choice of parameters of thermomechanical
treatment [21–23]. Recrystallization is the most important process that must be controlled
by the correct choice of modes during thermomechanical treatment of these alloys, since
in many respects the features of recrystallization behavior (or its absence) determine the
properties of the aluminum alloys listed above [22,24,25]. In addition to parameters of
the technological process, the mechanisms of recrystallization are strongly affected by the
size and number of intermetallic particles. Finely dispersed particles (less than 1 μm in
diameter) inhibit the recrystallization process, sometimes making it impossible due to their
large amount [26,27]. Large particles play the role of nuclei in the recrystallized structure
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according to the mechanism described in the literature as Particle Stimulated Nucleation
PSN [28,29].

A number of works have been devoted to the study of size and number of intermetallic
particles and their effect on recrystallization in alloys containing magnesium. For example,
in [30], alloys AA5182, AA5052 and AA5005 were compared. These alloys were alloyed
in various combinations of Mg; Mn; Si; Fe; Cr; Cu and Ti. The number of PSN nuclei for
each of the alloys was given, and it was found that the larger the PSN, the smaller the
cubic texture, but the research did not show how specific alloying elements affected the
number and size of intermetallic particles. In [31], recrystallization was studied on the
basis of the 5083 alloy. This alloy contained Mn, Zr, Sc, Cr, Fe, Si and Mg, and the content
of the first element remained constant. The effect of other elements on large intermetallic
and finely dispersed particles was studied. The influence of the chemical composition
on the amount and size of intermetallic compounds, as well as the decelerating force
of recrystallization, was not evaluated. In [32], using AA5251 alloy as an example, the
relationship between A1(Fe,Mn)Si, MgxSi intermetallics and the recrystallization process, as
well as the reduced volume fraction occupied by particles of both phases, were shown. The
relationship between intermetallic compounds and the number of nuclei and the retarding
force of recrystallization was not described. In [33] a comparison of particles in alloys
5754 and 5182 containing Si, Fe, Cu, Mn, Mg, Cr, Zn and Ti was made, and the number of
both large intermetallic and fine particles was described, dependent on microchemistry.
However, the research considered the homogenized state and the relationship of these
particles, but the recrystallization process was not studied. In [34], the amount number of
intermetallic particles was also studied, but their effect on nucleation was not investigated.
In [35], the effect of homogenization on the number of fine particles and on the inhibition
of recrystallization was studied. Thus, despite a large number of studies devoted to this
issue, they have been mainly devoted either to a homogenized state and the connection
between particles paying little attention to recrystallization, or to the comparison of two
different alloys with several different elements that change at the same time and may not
completely coincide. This makes it difficult to analyze their effect on the number and size
of intermetallic particles and on nucleation during recrystallization. Therefore, a study
of how a gradual increase in the most popular elements in alloying of high-magnesium
aluminum alloys affects the size and number of particles, and, consequently, the patterns
and mechanisms of the recrystallization process, is an urgent and not fully explored issue.
The purpose of this work was to study the influence of magnesium in the range of 4–5%,
manganese in the range of 0.2–0.5%, and copper in the range of 0.1–0.5% on intermetallic
particles and their influence on nucleation and inhibition of the recrystallization process
during annealing of a hot-rolled aluminum alloy. These element concentrations were
chosen because they are typical for high magnesium alloys.

2. Materials and Methods

An aluminum-magnesium alloy with 4% magnesium content was chosen as the base al-
loy. During the research, a gradual increase in magnesium (up to 5%), manganese (from 0.2
to 0.5%), copper (from 0.25 to 0.5%) and zirconium (up to 0.05%) was performed. The stud-
ied alloys’ chemical composition is presented in Table 1. Ingots sized 35 × 200 × 300 mm3

were cast in a metal mold. Experimental melting was performed in a graphite crucible in a
medium frequency induction furnace; the molten metal weight was 4–5 kg and the cast
ingot weight was 3 kg. The casting temperature was 720–740 ◦C, the crystallization rate
was 2 ◦C per second, and the rate of cooling after casting was 1 ◦C per second. Prior to
molten metal casting in the casting mold, the alloy was refined by carnallite flux, dosed in
proportion of 5 g of flux per 1 kg of charge. After that the segregation layer was skimmed
from metal surface. The solidified ingot was removed from the mold and water cooled. The
following materials were used to produce the studied alloys: A85 grade prime aluminum,
MG90 grade prime magnesium, M1 grade copper, Mn90Al10 grade alloying pellets.
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Table 1. Chemical compositions of the investigated Al-Mg alloys.

Content of Elements, %

Alloy No. Mg Mn Cu Si Fe

1 4 - - <0.05 <0.05
2 4.25 - - <0.05 <0.05
3 4.5 - - <0.05 <0.05
4 4.75 - - <0.05 <0.05
5 5 - - <0.05 <0.05
6 5 0.2 - <0.05 <0.05
7 5 0.35 - <0.05 <0.05
8 5 0.5 - <0.05 <0.05
9 5 0.5 0.1 <0.05 <0.05
10 5 0.5 0.25 <0.05 <0.05
11 5 0.5 0.5 <0.05 <0.05

After casting, the ingots were milled on four sides to 30 × 180 × 250 mm3 size (to
prepare for rolling). After machining the ingots, 8-hour homogenization annealing was
performed at 460–480 ◦C.

Thermo-mechanical modes were calculated for ingot hot rolling. The optimal ingot
pre-heat temperature for rolling (450–500 ◦C) and reduction per pass, depending on the
previous pass thickness, were also determined. The hot rolling schedule, enabling us to
obtain the required structure, is presented in Table 2. It should be noted that impurities are
were the level typical for aluminum alloys with a high magnesium content used in industry.
The procedure for the thermomechanical treatment made in the study was: 1. Casting;
2. Homogenization and heating in laboratory furnace; 3. Hot rolling on the laboratory mill;
4. Annealing.

Table 2. Ingot hot rolling schedule.

Pass No. Initial Thickness,
mm

Final Thickness,
mm

Thickness
Reduction, %

1 30 27 10
2 27 24 11.1
3 24 21 12.5
4 21 19 9.5
5 19 17 10.5
6 17 15 11.8
7 15 13 13.3
8 13 12 7.7
9 12 11 8.3
10 11 10 9.1
11 10 8 20
12 8 6 25
13 6 4 33.3
14 4 3 25

Rolling was performed using a 300 (Dima Maschinen, Esslingen am Neckar, Germany)
laboratory mill. A 30 mm thick workpiece was hot rolled to attain a 3 mm thickness (90%
total deformation). The maximum force during hot rolling did not exceed 650 kN. NOASAR
8109 rolling oil was used to reduce force and friction during hot rolling.

After hot rolling, the samples were edge-trimmed. The samples were cut to a maxi-
mum 300 mm length. They were also marked and annealed at 360 ◦C for 3 h. The samples
were annealed and cooled in a THERMCONCEPT KM 70/06/A laboratory furnace (Therm-
concept, Bremen, Germany). After annealing, all samples were cold rolled from 3 mm
to 0.3 mm thickness (with equal reductions per pass), which corresponds to 90% total
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deformation. Cold rolling was performed to obtain the required mechanical properties and
target thickness. Rolling forces did not exceed 550 kN during cold rolling.

Mechanical properties of the cold-rolled samples were studied in the longitudinal di-
rection after coating, curing, and pasteurization simulation. The samples were tested using
a Zwick/Roell Z050 stretching machine (ZwickRoell, Denmark, Germany) in accordance
with EN 541-2006 and EN 10002-1. Five samples per each chemical composition were taken
in the longitudinal direction. The samples, ruptured outside the working area during the
test, were not accounted for in the final result. The averaged test results are presented
below. Mechanical tests results of ultimate yield strength were applied as the criterion
for establishing the specific chemical element content during other component additions
(Table 1).

Samples for microstructure, electrical conductivity and micro-hardness studies were
taken at the end of each processing stage. Micro-hardness and electrical conductivity
measurements were carried out because they are very sensitive to changes of the dispersoid
fraction, as well as the concentration of the alloying elements in a supersaturated solid
solution. It should be noted that electrical conductivity is often used in studies related to
aluminum alloys microalloying [36–38].

The cross-sectional microstructure of samples was studied in polarized light after
section electropolishing in a fluoroboric electrolyte (boric acid—11 g; hydrofluoric acid—
30 mL; distilled water—2200 mL). The structure was studied after etching using an Axiovert
40 MAT microscope (Carl Zeiss AG, Oberkochen, Germany). Electrical conductivity was
measured using a portable VE-17NTs (LLC NPP “Sigma”, Nalchik, Russia). The excitation
current frequency was 100 kHz.

Based on optical microscopy data for samples annealed after hot rolling, the average
grain size was determined by the secant method. This was determined only for fully
recrystallized samples when magnified to capture 80–200 grains. To determine the average
grain size, at least eight secants were chosen in eight areas. An eyepiece-micrometer ruler
was used as a secant. Positioning the ruler across the direction of deformation and at an
angle of 45◦, the number of grains (n) intersected by this secant was counted. The average
grain size was determined by:

Dcp =
L · k
∑ n

, (1)

where: L is the length of the eyepiece-micrometer ruler, mm; k is the number of secants,
and n is the sum of grains intersected by all secants.

In addition to optical microscopy, some samples were studied using automatic anal-
ysis of electron backscattered diffraction (EBSD) patterns using a TESCAN VEGA LMH
scanning electron microscope with a LaB6 cathode (SEM) equipped with an Oxford In-
struments Advanced AZtecEnergy X-ray energy-dispersive microanalysis system and an
Oxford Instruments NordLysMax2 EBSD attachment, using AZtec version 2.2 software.
For analysis of grain (sub-grain) boundary misorientation, maps were built from areas
690 × 400 μm in size with a scanning step of 0.5 μm. For data collection, a 2 × 2 binning
mode was used, providing a high level of structural detail.

Data for analysis were obtained with an indexation coefficient of 95% or more. The
error in determining the orientation of the crystal lattice (the average angular deviation
between the detected and simulated Kikuchi bands) was no more than ±0.5◦. Boundaries
with misorientations less 15◦ were taken as low-angle boundaries. Boundaries with misori-
entations of more than 15◦ were considered as high-angle boundaries. When high-angle
boundaries were determined, individual grains were defined. For each of them, the misori-
entation between neighboring point was calculated. If the average misorientation between
points was less than 2◦, the grain was considered recrystallized and marked as blue. If the
average misorientation between points was less than 2◦, but subgrain misorentation was
also less than 2◦, this grain colored yellow and considered as substructed. If the average
misorientation between points was more than 2◦, the grain was considered deformed and
marked in red.
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Studies of alloys with additions of 0.5% manganese and 0.5% copper were carried
out using a Tecnai G2 F20 S-TWIN TMP transmission electron microscope with a thermal
field cathode at an accelerating voltage of 200 kV. A study of the chemical composition of
structural components was carried out by energy dispersive spectroscopy (EDS) using an
X-Max 80T detector in the energy range 0–10 keV. The energy resolution of the detector was
122 eV.

Micro-hardness was measured to indirectly assess the alloying effect on strength
properties. Micro-hardness tests were carried out with a Wolpert 402MVD hardness tester
(Wolpert, Bretzfeld, Germany) using the Micro-Vickers method in accordance with GOST
9450-76. The measurements were taken only for hot-rolled samples and the samples after
recrystallization annealing since it was not possible to measure the micro-hardness of
thin cold-rolled samples. Each sample was measured at five points spaced 0.01 mm (10
measurements at each point) with a 25 gf load (values deviating from the mean by more
than five units were not accounted for). Arithmetic means are used in the graphs and in
the discussion.

To assess the effect of the alloying element content on the change in the size and
number of large and fine particles, a study was carried out using a JEOL 6390A SEM
scanning electron microscope (Akishima, Tokyo, Japan). Hot-rolled samples were used for
the study. High-purity samples were preliminarily polished. The samples were examined
at 300 (intermetallic compounds) and 10,000 magnifications (finely dispersed intermetallic
compounds) after polishing. The content of chemical elements in the solid solution and
large intermetallic compounds was determined using an EDAX energy-dispersive X-ray
microanalyzer attachment.

Although the detected particles had different morphologies, for convenience, their
average radius was determined. For this, the area of all objects in the study area was found.
Then, the assumption was made that all objects had the shape of a circle. After that, the
radius of each of them was found and then the average radius estimated. Taking into
account the average radius, the total volume of these particles was found. The volume
fraction of particles (Fv) was calculated as the ratio of the volume of particles (equal to the
number of particles on each side of the cube, multiplied by the average volume of these
particles) to the volume in which they were measured.

The different types of recrystallization nuclei were estimated using the well-established
method for aluminum alloys described in [9]. Data on the number of intermetallic particles
were taken directly from the results of this study. Subgrain size data and their dependence
on the Hollomon-Zener parameter were taken from [7] for 5182 alloys (4.8% Mg; 0.37% Mn;
0.15% Zn; 0.2% Ti; 0.060% Cu; 0.4% Si; 0.01% Fe), their chemical compositions being close
to the investigated alloys. These data could be used because chemical composition change
does not have a significant effect on magnesium-rich aluminum alloy subgrain size [39].

The retarding force of recrystallization Pz was estimated using Formula (2) according
to [40].

PZ =
3γBFV

rD
(2)

where FV is the volume fraction of particles of the second phase, and rD is the average
particle size.

The number of recrystallization nuclei depending on the Holomon-Zener parame-
ter, including those formed by the PSN mechanism, was found according to the models
proposed in [41,42].

3. Results and Discussion

3.1. Grain Structure

The grain size after recrystallization annealing decreased with increased magnesium
content (Figure 1). This occurred because of two factors. The first was the development of
an additional number of nuclei representing large Mg2Si-type intermetallic particles [28].
In addition, an increased number of nuclei was observed due to size decrease and, conse-
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quently, subgrain number increase, occurring inevitably with an aluminum alloying level
increase [39]. Second, additional structure refinement occurred during crystallization. It
should be also noted that a hot-rolled magnesium-rich alloy has a more elongated grain
structure. In general, the grain size decreased with the addition of magnesium from 72 to
32 μm.

Manganese also contributes to grain refinement. During recrystallization, modification
occurs due to increase of Al6(FeMn) nuclei number. Addition of up to 0.5% manganese
increased the total amount of intermetallic particles by more than 20% and reduced the size
of the grain structure to 25 μm.

In the case of copper addition, grain refinement during recrystallization is facilitated by
development of CuMg4Al6-type particles [43]. Addition of 0.5% copper led to an increase
of large intermetallic particles. Addition of 0.5% copper increased the total number of
particles by seven times, and the grain size, in its turn, decreased to 15 μm. At the same
time, a significant increase in the amount of finely dispersed intermetallic particles resulted
in partial blocking of the recrystallization process.

It should be noted that in all the studied alloys after hot rolling, structural deformations
were observed, as in [44–47]. However, in alloy No. 1, a recrystallized structure was
observed. This can be explained by recrystallization, which occurs during cooling of
a hot rolled workpiece. Recrystallization occurred in alloys No. 1 because it did not
contain particles that inhibit the process. Grain growth during next annealing process can
be explained by secondary recrystallization, which is also caused by the absence of fine
particles [48].

The results of EBSD in Figure 2 show that in the hot-rolled state, a structure consisting
of deformed grains elongated in the direction of rolling was observed. It should be noted
that, according to optical microscopy (Figure), the grain structure for this alloying was
stretched in the rolling direction up to 500 μm, so the grain could not be fully represented.
The grains consisted mainly of sections, and subgrains having a high dislocation density
and a polygonized structure with an average size of 2 μm were formed within them, which
is in good agreement with the data presented in [39]. The presence of small, well-formed
subgrains, compared to low-alloyed aluminum alloys, can be explained by a decrease
of stacking fault energies in high-magnesium alloys [49], which makes dislocations less
mobile, and dislocations annihilate less quickly. In addition to areas with well-formed
subgrains, there were areas with recrystallization nuclei. Their presence is explained by
the fact that, despite the inhibition of recrystallization by finely dispersed particles and
the fairly rapid cooling of the laboratory ingot in air, recrystallization nuclei had time
for formation. Unfortunately, the method of obtaining an EBSD image did not make it
possible to identify whether these nuclei were formed from subgrains or from particles.
However, the presence of recrystallized areas indicated precisely their formation in the
latter. The pole figure and the inverse pole (Figure 3c,d) showed classical rolling texture
patterns [50]. At the same time, the set of crystallites for analysis in the hot-rolled state was
very limited in the EBSD method. As result this could not provide the general pattern of
texture distribution. Therefore, for a more detailed study of the texture, distribution-ray
diffraction analysis is required, but was beyond the scope of this work.
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Hot rolled Hot rolled and annealed 

  
Sample No. 1 (4% Mg) 

  
Sample No. 5 (5% Mg) 

Figure 1. Cont.
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Sample No. 8 (5% Mg 0.5% Mn) 

  
Sample No. 11 (5% Mg 0,5% Mn 0.5% Cu) 

Figure 1. Grain structure of hot-rolled and annealed samples related to alloy chemical composition.

The EBSD data for the 5Mg0.5Mn0.5Cu alloy in the annealed state in Figure 3 shows
the presence of small-sized grains of 30 μm in which low-angle boundaries were not
found. This, as well as the fact that the grains changed their shape and size, indicates
that recrystallization was completed. Small inclusions of a non-recrystallized structure
were observed. This suggests that recrystallization in these volumes was blocked by the
action of finely dispersed intermetallic particles. In general, the EBSD data were in good
agreement with the optical microscopy data. Based on analysis of inverse pole figures and
pole figures, pronounced texture components were absent. This suggests that PNS is the
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dominant nucleation mechanism, since grains which grow during recrystallization from
this nuclei type do not have of any texture components [28].

(a) 

Figure 2. Cont.
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(b) 

Figure 2. Cont.
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(c) 

 
(d) 

Figure 2. EBSD results for 5Mg0.5Mn0.5Cu alloy after hot-rolling: (a) subgrain structure; (b) fraction
mapping; (c) inverse pole figure (d) pole figures.

(a) 
Figure 3. Cont.
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(b) 

Figure 3. Cont.
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Figure 3. EBSD results for5Mg0.5Mn0.5Cu alloy after annealing: (a) subgrain structure; (b) fraction
mapping; (c) inverse pole figure; (d) pole figure.

3.2. Micro-Hardness and Electrical Conductivity

Measured micro-hardness and electrical conductivity results are presented in Figures 4
and 5. A magnesium content increase from 4 to 5% resulted in micro-hardness increases
from 58.72 to 86.52 HV and 52.92 from to 59.22 HV in the hot-rolled state and after annealing,
respectively. Half a percent of manganese led to micro-hardness increases from 86.52 to
97.52 HV and from 59.22 to 63.72 HV in the hot-rolled state and after annealing, respectively.
Copper led to micro-hardness growth from 97.52 to 114.42 HV, and after annealing and in
the condition of hot-rolling it remained almost the same.

The greatest increase in hardness and, consequently, solid solution hardening, occurred
when magnesium content increased. Manganese and copper did not have such a strong
effect on this factor. The main mechanism of increase in micro-hardness with the addition
of these elements was the presence of fine particles.

The micro-hardness difference in the hot-rolled and annealed states can be explained
by the subgrain structure that was observed in the hot-rolled state. Subgrain structure
in the annealed state would lead to a large number of dislocations, increasing micro-
hardness [51]. Moreover, an increased amount of alloying elements, especially magnesium,
always facilitates subgrain structure refinement [39]. Dislocation density, observed after
annealing, is much lower [52] and reduces micro-hardness.
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Figure 4. Changes in micro-hardness related to alloy chemical composition.

Electrical conductivity decreased in samples when the content of alloying components
increased, regardless of the state (Figure 5). This occurred due to a large amount of alloying
components melting in the supersaturated solid solution. In addition, during hot rolling,
fine particles precipitate from the supersaturated solid solution. Therefore, subsequent
annealing does not make much difference. An increase of magnesium content from 4 to
5% led to an electrical conductivity decrease from 20.4 to 18.3 μS. Adding 0.5% manganese
reduced the electrical conductivity from 18.3 to 15.4 μS. Introduction of 0.5% copper led to
an electrical conductivity decrease from 15.4 to14.8 μS.

 

Figure 5. Change of electrical conductivity related to alloy chemical composition.

3.3. Coarse Intermetallic Particles Study Using Scanning Microscopy

Coarse particle (intermetallic compounds) parameters measured using electron mi-
croscopy at the stage of hot rolling are shown in Figure 6. Magnesium and manganese did
not have a large impact on intermetallic compound size and quantity. With the addition
of 0.5% copper, the number of large intermetallic particles increased sevenfold, and their
average radius decreased from 0.76 to 0.46 μm. The abovementioned changes occurred
after copper was added and, as is shown below, this was caused by the development of a
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large amount of smaller Al6Cu2Mn3 intermetallic compounds. These particles formed due
to copper poor solubility in aluminum matrix at the temperatures below 350 ◦C [53].

 

Figure 6. Changes in intermetallic compound size and number related to alloy chemical composition.

The chemical compositions of intermetallic compounds are shown in Figure 7. The
percentage of elements in each spectrum are shown in Table 3. Elements such as Fe and
Si were identified in all samples. These elements were not added to the alloy and were
present as impurities contained in the aluminum ligature.

The main particles in magnesium alloys consisted of Mg2Si. They had an elongated
shape and average size of about 5–10 μm (Figure 8). Based on the presence of magnesium
and silicon in them, it can be assumed with a high degree of probability that these particles
were, indeed, Mg2Si [53,54], and they often appear in high-magnesium alloys [33,55]. These
particles are primary intermetallic compounds that “survived” the process of homogeniza-
tion. EDX analysis showed the presence of aluminum in these alloys, which, however,
was a consequence of the influence of the solid solution involved in this research method,
as, for example, in [33,54,56]. The supersaturated solid solution contained magnesium,
which explains strengthening of the solid solution (Figure 4) and the decrease of electrical
conductivity (Figure 5).

When manganese was added, particles appeared which, in terms of the content
of chemical elements, appeared to be Al6FeMn, which is common in these types of al-
loys [34,57,58]. They had a 10–15 microns size and elongated shape. Al8Mg5 type particles,
typical for magnesium-rich aluminum alloys, were found in [33,35,59]. The absence of such
phases in alloys 1–5 can be explained by the limited area where large intermetallic particles
chemical analysis was performed. In addition, Mg2Si and Al3Si particles are similar in
color, making it difficult to select zones where both types of particles are present.

Al6(FeMn) type particles appeared in alloys 6–8 due to manganese addition. As can
be seen in Figure 7, the solid solution also contained manganese.

Intermetallic compounds can be identified by chemical composition as phases such
as Mg2Si and Al6(FeMn). There was a phase close to Al20Cu2Mn3 observed in alloys with
joint manganese-copper alloying [60,61]. Average sizes of intermetallic compounds were
3–5, 5–8 and 10–15 μm, respectively. Mg2Si particles were represented by elongated dark
inclusions, Al6(FeMn) particles were light and had elongated shape, and Al20Cu2Mn3
particles were light square-shaped particles. Manganese, copper and magnesium were also
observed in a supersaturated solid solution.
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Note that Fe and Si impurities, despite their rather low content, play an important role by
participating in the formation of such particles as Mg2Si and Al6(FeMn). Therefore, our data
are relevant for alloys with the usual level of impurity elements. Additional research on the
relationship between intermetallic particles and the recrystallization process in alloys made
from high purity master alloys may be needed to account for the effect of Si and Fe reduction.

Figure 7. The types of intermetallic compounds (a1–a3); result of the EDS analyses (b1–b3).
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Figure 8. Change of dispersoid size and number depending on alloy chemical composition.

Table 3. Content of elements in particles.

Spectrum Particle
Elements Content, %

Al Mg Mn Cu Fe Si

15 Al6(FeMn) 69.23 0.64 10.6 - 17.55 1.98
16 Al3Mg2 67.50 32.29 - - - 0.22
74 Al6(FeMn) 68.09 1.08 15.73 3.93 11.17 -
75 Al6Cu2Mn3 75.10 0.65 12.01 0.52 11.72 -

152 Mg2Si 51.73 25.94 - - - 22.33

3.4. Fine Particle Studies using Scanning and Transmission Microscopy

Result of fine particle electron microscopy investigations are shown in Figure 8. After
magnesium content reached 5%, the size of the dispersoids decreased from 0.16 to 0.12 μm,
and their number increased three times. Addition of 0.5% manganese led to reduction
of their radius from 0.12 to 0.07 μm, and their quantity increased more than 3.66 times.
Addition of 0.5% copper increased manganese dispersoid radius from 0.07 to 0.1 μm, the
number grew more than three times. As a result, copper had most prominent impact on
recrystallization during hot rolling.

It should be noted that very few dispersoids are present in alloys containing magne-
sium only. They were detected by SEM (Figure 9), where it was possible to study larger
areas, but this method does not allow their chemical composition to be analyzed. However,
it should be noted that such a small number of particles has practically no effect on the
recrystallization process, so there is no need for the laborious process of detection using
transmission microscopy. As the proportion of manganese increased, the number of finely
dispersed particles increased also (Figure 9). At the same time, manganese was the main el-
ement found in these particles. In addition, there were particles containing both manganese
and iron, which from the chemical composition consisted of Al6Mn and Al6FeMn [62,63]
(Figure 10). The presence of magnesium in the EDS results can be explained by solid
solution impact. Although the particle number increased, and the size decreased, these
particles did not have a decisive influence on the course of the recrystallization process.
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(a) (b) 

Figure 9. Scanning electronic microscopy of (a) 5Mg and (b) 5Mg0.5Mn alloys.

 
 

(a) (b) 

Figure 10. Cont.
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(c) 

Figure 10. Transmission electronic microscopy of the 5Mg0.5Mn alloy (a); EDS results for the
5Mg0.5Mn alloy (b,c).

TEM analysis made it possible to reveal particles in the form of plates close in composi-
tion to the S Al2CuMg phase, since the Cu:Mg ratio in them was close to 1:1 [62,63], and the
T of which did not exceed 300 nm. In addition, there were plates that could be described as
the T(Al20Cu2Mn3) phase, since the Mn:Cu ratio was close to 3:2 [64,65] (Figure 11). The
size of this phase was not more than 100 nm. It should be noted that these phases are the
main blockers of the recrystallization process. At the same time, as copper content grew, the
number of fine particles increased, and the retarding force of recrystallization also increased.
It should be noted that although the S phase in the form of S” can be strengthening, in this
case, as in the T phase, strengthening occurred only due to the inhibition of recrystallization.
It is necessary to carry out hardening and subsequent artificial aging at lower temperatures
to obtain S”. The particles close to S and T observed in this case were most likely formed
during the decomposition of a supersaturated solid solution, which occurred during hot
rolling and annealing at temperatures of 360–500 ◦C; therefore, by their nature, they should
be close to equilibrium. In this way, with copper addition, new particles formed, so that the
total number significantly increased as confirmed by the SEM result (Figure 12).
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(a) (b) 

Figure 11. Transmission electronic microscopy of the 5Mg0.5Mn0.5Cu alloy (a). EDS results for the
5Mg0.5Mn0.5Cu alloy (b).

 

Figure 12. Scanning electronic microscopy of the 5Mg0.5Mn0.5Cu alloy.

3.5. Calculations of the Effect of the Size and Number of Intermetallic Particles on the Inhibition
Force and Nucleation during Recrystallization

Figure 13 shows the effect of chemical composition on the number of nuclei for recrys-
tallization which proceeds based on the particle stimulated nucleation (PSN) mechanism.
When the amount of alloying elements was increased, a slight increase in PSN nuclei num-
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ber (until copper was added to the alloy) was observed. At the same time, the proportion
of PSN nuclei of the total nuclei number did not change.

Figure 13. Change of PSN nuclei number depending on alloy chemical composition.

Figure 14 shows the effect of chemical composition and the Zener-Hollomon param-
eter on the number of nuclei formed from PSN or from subgrains. Subgrains are the
predominant source of nucleation at low Zener-Hollomon parameter values. However, as
Zener-Hollomon parameter increased, the subgrain size rapidly decreased and particle-
based nucleation becomes predominant. Particle-stimulated nucleation prevailing over
subgrain-based nucleation is generally typical for magnesium-rich aluminum alloys. This
is caused, primarily, not by the large size and number of second-phase particles, but by
small-sized subgrains in this type of alloy [30,66]. This results in intense crystallographic
hardening and lower stacking fault energy compared to other alloys [67]. The ratio of
subgrain-based and second-phase particles-based nuclei numbers remained almost un-
changed before the addition of copper to the alloy. This was associated with an insignificant
increase of intermetallic compound size and number. However, their number spiked after
copper was added. As a result of this chemical composition, second-phase particles became
the main nuclei sources during recrystallization. Thus, in terms of recrystallization, the
studied alloy nuclei development mechanism was close to that of the 1565ch alloy, where
intermetallic particle-based nucleation prevails over subgrain-based nucleation [28]. It
must be mentioned that magnesium and manganese did not have a pronounced impact on
PSN nuclei, but the number of nuclei from intermetallic compounds grew 4.4 times after
copper was added.
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(a) (b) 

 
(c) (d) 

Figure 14. Changing t of Nc subgrains-based nuclei and NPSN second-phase particles-based nuclei
fraction depending on Zener-Hollomon parameter and alloy chemical composition: (a) alloy No. 1,
(b) alloy No. 5, (c) alloy No. 8, (d) alloy No. 11.

Figure 15 shows the recrystallization retarding force. The retarding force of recrys-
tallization did not change significantly when the content of magnesium and manganese
increased. This was because the number of fine particles did not grow significantly with
increasing magnesium and manganese content (Figure 7). However, with 0.5% copper
addition, dispersoids increased dramatically, leading to an increase of the recrystallization
retarding force from 1.53 × 10−3 N/m2 to 3.92 N/m2 (Figure 8). Zirconium produced an
even greater significant effect on the recrystallization retarding force. The results, presented
in Figure 8 correlate with the optical microscopy data (Figure 1), demonstrating partial
blocking of the recrystallization process due to copper addition.
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Figure 15. Changes in the recrystallization retarding force depending on alloy chemical composition.

4. Conclusions

Increasing magnesium, manganese and copper content affected grain size due to an
increase in nuclei number as a result of large intermetallic particle development. The main
large intermetallic particles were Mg2Si, Al6(FeMn) and Al20Cu2Mn3.

In the alloys containing no other alloying components, apart from magnesium, the
level of finely dispersed components was very low. When manganese was added, Al6Mn
and Al6(FeMn) types dispersoids appeared, and when copper was added, fine particles
close to T(Al20Cu2Mn3) and S(Al2CuMg) appeared. Copper addition significantly increased
the total number of intermetallic particles and dispersoids, leading to recrystallization
retarding force intensification. Therefore, copper addition partially blocked this process.

Nucleation modeling during recrystallization showed that this alloy (like other mag-
nesium alloys) is prone to PSN mechanism activation. However, subgrain-based recrys-
tallization nuclei development prevailed at low values of the Zener-Hollomon parameter
without copper addition. The PSN mechanism began to prevail when copper was added,
even at low Zener-Hollomon parameter values.
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34. Radetić, T.; Popović, M.; Romhanji, E. Microstructure evolution of a modified AA5083 aluminum alloy during a multistage
homogenization treatment. Mater. Charact. 2012, 65, 16–27. [CrossRef]

35. Engler, O.; Miller-Jupp, S. Control of second-phase particles in the Al-Mg-Mn alloy AA 5083. J. Alloys Compd. 2016, 689, 998–1010.
[CrossRef]

36. Dorin, T.; Ramajayam, M.; Babaniaris, S.; Jiang, L.; Langan, T.J. Precipitation sequence in Al–Mg–Si–Sc–Zr alloys during isochronal
aging. Materialia 2019, 8, 100437. [CrossRef]

37. Babaniaris, S.; Ramajayam, M.; Jiang, L.; Langan, T.; Dorin, T. Developing an optimized homogenization process for Sc and Zr
containing Al-Mg-Si alloys. In Light Metals; Springer: Cham, Switzerland, 2019; pp. 1445–1453. [CrossRef]

38. Vo, N.Q.; Dunand, D.C.; Seidman, D.N. Improving aging and creep resistance in a dilute Al–Sc alloy by microalloying with Si, Zr
and Er. Acta Mater. 2014, 63, 73–85. [CrossRef]

39. Aryshenskii, E.V.; Aryshenskii, V.Y.; Beglov, E.D.; Chitnaeva, E.S.; Konovalov, S.V. Investigation of subgrain and fine intermetallic
participles size impact on grain boundary mobility in aluminum alloys with transitional metal addition. Mater. Today Proc. 2019,
19, 2183–2188. [CrossRef]

40. Vatne, H.E.; Furu, T.; Ørsund, R.; Nes, E. Modelling recrystallization after hot deformation of aluminium. Acta Mater. 1996, 44,
4463–4473. [CrossRef]

41. Aryshenskii, E.; Beglov, E.; Konovalov, S.; Aryshenskii, V.; Khalimova, A. Approach to oriented grain growth accounting during
aluminum alloys recrystallization simulation. Mater. Today Proc. 2021, 46, 957–960. [CrossRef]

42. Aryshenskii, E.; Kawalla, R.; Hirsch, J. Development of new fast algorithms for calculation of texture evolution during hot
continuous rolling of Al–Fe alloys. Steel Res. Int. 2017, 88, 1700053. [CrossRef]

43. Mondolfo, L.F. Aluminum Alloys: Structure and Properties; Elsevier: Amsterdam, The Netherlands, 2013.
44. Kumar, R.; Gupta, A.; Kumar, A.; Chouhan, R.N.; Khatirkar, R.K. Microstructure and texture development during deformation

and recrystallisation in strip cast AA8011 aluminum alloy. J. Alloys Compd. 2018, 742, 369–382. [CrossRef]
45. Sidor, J.J.; Petrov, R.H.; Kestens, L.A. Modeling the crystallographic texture changes in aluminum alloys during recrystallization.

Acta Mater. 2011, 59, 5735–5748. [CrossRef]
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Abstract: Ti-6Al-4V (Ti64 or TC4) alloy is widely used in the industrial field. However, there have
been few studies of the TC4 alloy melted by electron beam cold hearth melting (EBCHM) technology.
Aging treatment has a considerable influence on the secondary α-phase in titanium alloys. Therefore,
TC4 alloy melted by EBCHM technology was investigated in this study. The effect of different
aging times on the microstructural evolution and mechanical properties of titanium alloy sheets
was evaluated. The results showed that, with increase in aging time, the primary α-phase enlarged
and grain globularization occurred. In addition, some transformed β-phases disappeared. The
strength and Vickers hardness of the heat-treated sheets decreased, while the plasticity increased with
increase in aging time, indicating that the mechanical properties developed with evolution of the
microstructure. After aging at 560 ◦C for 2 h, the properties overall were optimal. The type of fracture
of the samples was ductile fracture; the dimples became larger with increase in aging time. After
heat treatment, the recrystallized nucleus, substructures and HAGBs increased, while the deformed
structure and LAGBs decreased. Some grains had rotated following heat treatment, indicating that
anisotropy was greatly reduced.

Keywords: TC4 alloy; EBCHM; aging treatment; microstructure; mechanical properties

1. Introduction

Ti-6Al-4V (Ti64 or TC4) alloy is widely used in the aerospace and chemical industries,
in ships and other fields due to its low density, high specific strength, good corrosion
resistance and biocompatibility [1–3]. TC4 titanium alloy is a representative α + β titanium
alloy, which has α- and β-phases [4]. It is one of the most used titanium alloy materials [5].

Traditional titanium alloy production mostly obtains plates by forging, machining
and rolling following a triple-vacuum arc remelting (VAR) process [6]. However, this
smelting method produces many inclusions. VAR melting is a slow process as the liquid
flow condition is unsuitable for acceleration of the dissolution of inclusions. High-density
inclusions sink to the bottom of the pool, where the temperature is lower than at other
positions. Compared to the triple VAR melting process, electron beam cold hearth melting
(EBCHM) technology has significant advantages for the production of very clean metal.
During the melting process, volatile impurities evaporate due to exposure in a vacuum
atmosphere (10−2~10−3 Pa). The melt-flow conditions lead to a long inclusion residence
time, which promotes the dissolution of inclusions [7]. If EBCHM technology is used, the
content of inclusions can be effectively reduced [8]. Moreover, EBCHM technology has
the advantages of high energy density and high vacuum, which can improve the purity
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of titanium alloys [9]. The ingots obtained by EBCHM technology can be rolled directly
after melting, which simplifies the production process and reduces the cost. Sheets rolled
from TC4 alloy ingots melted by EBCHM technology can be used in aviation, weapon
manufacture and other fields. Many studies have shown that stress can be reduced and
the microstructure of the alloy can be improved by appropriate heat treatment [10,11]. The
microstructure plays an important role in the mechanical properties of the material, and
can be adjusted to improve mechanical properties of the material [12–14]. The strength
and hardness of titanium alloys can be greatly improved using a supersaturated solid
solution formed by solution treatment [15,16]. The dispersed phase can be precipitated
by subsequent aging treatment to improve strengthening, and the plasticity and tough-
ness can be improved at the same time [17,18]. The microstructure of titanium alloys
is greatly affected by the process [19,20]. To enable titanium alloys to be better used in
industrial production, many investigations have been carried out into the structure and
properties of titanium alloys. Fan et al. [21] investigated the effect of solution aging at
950 ◦C/AC/1 h + 540 ◦C/AC/4 h on the microstructure and properties of a Ti-6Al-4V al-
loy produced by selective laser melting. The results showed that a basket-weave structure
can be obtained after solution with aging treatment, resulting in excellent mechanical prop-
erties. Lei et al. [22] investigated the effects of different structures on the tensile properties
and impact toughness of Ti-6Al-4V alloy. The results showed that a lamellar structure
had higher impact toughness and strength, but plasticity was lower than for a globular
structure. Chen et al. [23] studied the effect of aging heat treatment on the microstructure
and tensile properties of a high strength titanium alloy. The results showed that the β grain
size can be restrained by a primary α-phase during aging treatment, and the morphology of
the secondary α is sensitive to time. Xu et al. [24] studied the microstructural evolution and
mechanical properties of a titanium alloy during solution-plus-aging treatment. The results
showed that an α+β solution-plus-aging treatment resulted in an excellent combination of
strength and plasticity.

The TC4 alloy is a very widely used alloy. Hence, it is important to investigate for
TC4 alloy low-cost production technology. If EBCHM technology is used, it can not only
reduce the content of inclusions, but can also provide technical methods enabling low-cost
production. To date few studies have investigated TC4 alloy ingots melted by EBCHM
technology, so, results are not available for direct industrial application. Aging treatment
has a significant influence on the secondary α-phase precipitated in titanium alloys, which
results in their different properties. Therefore, it is crucial to study the microstructure
evolution of titanium alloys because of its potential applications. In this study, TC4 alloy
melted by EBCHM technology was used and the effect of aging treatment for different times
on the microstructure and mechanical properties of TC4 alloy sheets was investigated. This
provided not only a theoretical basis for the production of TC4 alloy sheets with excellent
performance and low cost, but also a protocol for the subsequent heat treatment process.

2. Experimental Procedures

The experimental material was TC4 alloy. A billet was cut in the middle part of
the ingot with a size of 80 × 70 × 50 mm3, which was produced by an electron beam
cold hearth melting process at an average melting rate of 500 kg/h. A melting power of
200~210 kW was used to melt the alloy, and a power of 180~185 kW was used to ensure
a constant temperature in the surface. The vacuum pressure was 0.1~1.0 Pa during the
melting process. The dimension of the crystallizer was 1270 × 220 × 200 mm3 and the size
of the cold hearth was 1450 × 400 × 250 mm3. The hot-rolled sheet was obtained by first
rolling along the length direction and then rolling along the width direction. The chemical
composition of the titanium alloy sheet was measured by chemical analysis, as shown in
Table 1. The β-phase transformation temperature was obtained by differential scanning
calorimetry (DSC) of the alloy at about 958.6 ◦C, as shown in Figure 1. The samples were
further heat-treated with solution-plus-aging treatment. First, the sheet was heated to
930 ◦C and kept for 15 min, then cooled in water for solution treatment, kept at 560 ◦C for
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2 h, 3 h and 4 h, and then furnace cooled (FC) for aging treatment. The standard tensile
specimens built in a horizontal plane for tensile property evaluation, as shown in Figure 2,
were cut in the rolling direction (RD) and transverse direction (TD).

Table 1. Chemical composition of TC4 alloy (wt, %).

Ti Al V Fe C N H O

Bal. 5.93 4.27 0.07 0.05 0.009 0.004 0.14

 
Figure 1. DSC curves of TC4 alloy.

 

Figure 2. The size of tensile specimen (mm).

A small part of the geometry of 10 × 10 × 10 mm was used for microstructure analysis
and electron backscattered diffraction (EBSD) tests. Standard Kroll’s reagent (HF: HNO3:
H2O = 3:5:12) was used to identify the various phases. The microstructure and fracture
morphology of specimens were observed using an ECLIPSE MA200 microscope and a
ZEISS EVO18 (Zeiss, Oberkochen, Germany) scanning electron microscopy (SEM). Image-
Pro-Plus software was used to calculate the phase volume fraction. X-ray diffraction was
used to measure the Cu target Kα radiation; the scanning rate was 10◦/min. Tensile tests
were performed using a Zwick/Roll-Z150 machine (Zwick/Roll, Ulm, Germany); the
tensile rate was 1.8 mm/min. Each group of specimens was repeated three times and the
average value taken. Vickers hardness tests were performed using an HMV-G21S machine
(Shimadzu, Kyoto, Japan) with a load of 200 g and a loading time of 15 s; each group of
specimens was repeated seven times and the average value taken.

3. Results and Discussion

3.1. Microstructural Characterization of TC4 Aged Sheets

The purpose of aging treatment is to decompose the metastable phase formed after heat
treatment. Solution treatment and then quenching in water to effect aging is performed to
precipitate the secondary phase with a dispersed distribution to enable strengthening [15,17,18].
The microstructures of the TC4 alloy which were obtained by solution treatment and aging
treatment for different times (2 h, 3 h, and 4 h) are shown in Figure 3. It can be seen from
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the figure that the structure was composed of a large number of α-phase colonies and a
small number of β-phase colonies, with a small amount of recrystallized equiaxed α-phase
dispersed in it. From Figure 3a, b, it can be seen that the thick α-phase colonies in the
longitudinal section and the cross-section of the hot-rolled sheet were distributed, and
that the β-phase was distributed among them with the same degree of distribution. The
average grain sizes of the equiaxed α-phase in the longitudinal section and cross-section
were about 1.52 μm and 1.33 μm, respectively. The microstructures after aging for 2 h in
the longitudinal section and cross-section are shown in Figure 3d, e. The microstructure
consisted of a few equiaxed α-phases and some β phases. The average grain sizes of the
equiaxed α-phase in the longitudinal section and cross-section were about 2.32 μm and
2.21 μm, respectively. For the transverse cross-section, the SEM images of the alloy are
shown in Figure 4. It can be seen from Figure 4b that many secondary α-phases were
precipitated on the transformed β matrix; the volume fraction of the primary equiaxed
α-phase was about 31.2%. As shown in Figure 3g,h, the average grain sizes of the equiaxed
α-phase in the longitudinal section and cross-section were about 2.83 μm and 2.69 μm,
respectively. It can be seen from Figure 3g,h that the microstructure was composed of
many primary α-phases (equiaxed and lamellar) and transformed β phases, and thick α

laths were distributed along the rolling direction. It can be seen from Figure 4c that the
microstructure was composed of many primary equiaxed α-phases and transformed β

phases; the volume fraction of the primary equiaxed α-phase was about 31.0%. Compared
with the microstructure after aging for 2 h, the primary α phase, lamellar α-phase and
secondary α-phase on the β matrix had merged and developed. As shown in Figure 3j,k,
the average grain sizes of the equiaxed α-phase in the longitudinal section and cross-section
were about 2.98 μm and 2.77 μm, respectively. It can be seen from Figure 3j,k that, with
prolongation of the aging time, the microstructure was still composed of some equiaxed
primary α-phases and a few transformed β phases. The volume fraction of the equiaxed
α-phase was calculated according to the area fraction of the phase in the figure. It can be
seen from Figure 4d,e that the average grain size of the equiaxed primary α-phase increased.
This phenomenon reflected the grain growth of the α phase; however, the volume fraction
of the primary α-phase did not change too much and its value was about 30.2%. The
α-phase tended to be equiaxed, indicating that grain globularization had occurred, and
the content of the transformed β-phase decreased gradually. To sum up, the structural
evolution of the sheet under different aging times is shown in Figure 5. With increase in
aging time, the average grain size of the primary equiaxed α-phase increased gradually
and grain globularization occurred; however, the volume fraction of the primary α-phase
was not obviously changed. The morphology of the transformed β-phase was obviously
changed with increase in aging time; the secondary α-phase precipitated on the β matrix
appeared to be merged and matured, and the content of the transformed β-phase gradually
decreased. This phenomenon was also observed in other titanium alloys [24,25].

Figure 6 shows the energy spectrum of the sheet obtained after aging for 2 h. It can be
seen from Figure 6b that the element Ti in the hot-rolled sheet after solution-plus-aging
treatment was uniformly distributed in the structure, and there was no segregation. As
shown in Figure 6c,d, the elements Al and V were also uniformly distributed in the structure,
and there was basically no aggregation of Al or V elements at the grain boundaries of the
equiaxed α phase.
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Figure 3. Microstructure and average grain size of TC4 alloy aged sheets.

Figure 4. SEM images of TC4 alloy aged sheets: (a) Hot-rolled (b) 2 h (c) 3 h (d) 4 h (e) the area
fraction of equiaxed α phase.
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Figure 5. Microstructure evolution of TC4 alloy aged sheets.

Figure 6. EDS of the sheet aging for 2 h: (a) Scanning surface (b) Ti (c) Al (d) V.

The XRD patterns of the sheets are shown in Figure 7a. It can be seen from the figure
that the phase compositions of the hot-rolled and heat-treated sheets were mainly α/α′-Ti
and β-Ti [26] and exhibited the highest diffraction peak at 40.5◦. The peak intensities of each
phase of the heat-treated sheet were significantly higher than that of the unheated sheet.
With increase in aging time, the peak intensities of (1011) increased gradually, indicating
that the volume fraction of α/α′-Ti increased after solution-plus-aging treatment. As can be
seen from the structural evolution, the structure became coarse and matured with increase
in aging time, so the intensities of each peak were enhanced to different degrees. In order
to investigate the effect of the aging time on the grain size, the Scheler equation was used
to calculate the crystallite size of (1011) [27]:

D =
Kλ

βhklcos θ
(1)

where D is the crystallite size (nm), K is a constant (0.89 is used in this case), λ is 0.154 nm,
βhkl is the FWHM of diffraction peak, θ is the peak position, and all angles are in radians. It
can be seen from Figure 7b that the FWHM decreased, and the calculated crystallite size
perpendicular to (1011) was increased with increase in aging time. The results showed that
the crystallite size of (1011) increased with increased aging time, showing the same trend
as for grain size.
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Figure 7. (a) XRD patterns of TC4 alloy aged sheets (b) the FWHM of (1011) and the calculated size.

3.2. Mechanical Properties of TC4 Aged Sheets

The TC4 alloy sheets obtained by heat treatment were subjected to tensile tests unidi-
rectionally at room temperature in the RD and TD directions. The mechanical properties
are shown in Figure 8. It can be seen from the figure that the tensile strength (UTS), yield
strength (YS) and elongation (EL) of the hot-rolled sheets in the RD and TD directions were
912.7 and 941.5 MPa, 792.1 and 884.3 MPa, and 11.2% and 9.4%, respectively. The UTS, YS
and EL of the sheets after aging for 2 h were 1073.6 and 1077.4 MPa, 955.0 and 991.0 MPa,
and 10.4% and 10.5%, respectively. After aging for 3 h, they were 1038.1 and 1048.7 MPa,
922.3 and 962.4 MPa, and 10.5% and 10.7%, respectively. They were 1036.2 and 1041.8 MPa,
917.0 and 920.0 MPa, and 10.7% and 11.3% after aging for 4 h, respectively. With increase in
aging time, the strength of the sheet decreased and the plasticity slightly increased This
corresponded to the evolution of the microstructure [15,17]. The differences in UTS, YS
and EL of the hot-rolled and heat-treated sheets in RD and TD directions were: 28.8 MPa,
92.2 MPa and 1.8% (hot-rolled); 3.8 MPa, 36.0 MPa and 0.1% (2 h); 10.6 MPa, 40.1 MPa and
0.2% (3 h); 5.6 MPa, 3.0 MPa and 0.6% (4 h). The difference between the anisotropy of the
sheets obtained after different aging times was small, and the comprehensive properties
of the sheet after aging for 2 h were the best. The effect on the anisotropy of the sheets
was similar to other titanium alloys [13,28]. Compared with the hot-rolled sheet, the UTS
and YS of the sheet obtained after aging for 2 h in the RD and TD directions increased by
17.63% and 14.43%, 20.57% and 12.07%, respectively. The EL decreased by 7.14% in the
RD direction and increased by 11.70% in the TD direction. In summary, as the aging time
increased, the strength of the heat-treated sheets decreased and the plasticity increased
slightly. After aging for 2 h, the sheet had the best comprehensive properties, the UTS and
YS of the sheet increased, and the EL decreased compared with the hot-rolled sheet.

The Vickers hardness values for the TC4 alloy sheets are shown in Figure 9. It can be
seen that the Vickers hardness value decreased gradually with increase in aging time. The
sheet obtained after aging for 2 h had the largest Vickers hardness which was 308.8 HV.
The reason for the decrease in Vickers hardness may be that, as the aging time increased,
its structure and secondary α-phase on the β matrix had merged and grown up, and the
transformed β had basically disappeared [3,29]. As a result, its strength and hardness
were reduced.

The fracture morphologies of the samples are shown in Figure 10. The macroscopic
fracture morphologies in the RD and TD directions were relatively uneven and showed a
dark gray fiber shape, which had a certain degree of necking. The fractures of the hot-rolled
and heat-treated samples were composed of dimples with different sizes; they were deep and
there were many small dimples in the large dimples. Moreover, the fracture dimples became
larger with increase in aging time and all the samples were ductile fractures. The small
dimples were formed by the secondary α, flaky α phase, and β phase, and the large dimples
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were formed by the equiaxed α-phase [17]. With increasing aging time, the volume fraction
of the secondary α-phase and transformed β-phase declined, and the volume fraction of
the equiaxed α-phase increased. Therefore, the fracture dimple became larger with increase
in aging time. This phenomenon was also observed in other studies [3,4]. In summary, the
fracture dimples were ductile fractures in both the RD and TD directions and the plasticity
was improved due to the dimples becoming larger with increase in aging time.

 

Figure 8. The mechanical properties of TC4 alloy aged sheets.

 

Figure 9. Vickers hardness of TC4 alloy aged sheets.

 

Figure 10. Fracture morphologies of TC4 alloy aged sheets.
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3.3. Evolution of Grain and Orientation Distribution after Heat Treatment

To explore the recrystallization, grain boundaries and texture changes after heat treat-
ment, the hot-rolled sheet and the sample obtained after aging for 2 h were characterized
by EBSD testing. The internal average misorientation angle (IAMA) map and the pro-
portion of hot-rolled sample are shown in Figure 11a,c; the figures for the heat treatment
sample are shown in Figure 11b,d. In the IAMA maps, the angles which are above 1◦
are classified as deformed grain (red), the angles which are under 1◦ and the angles from
subgrain to subgrain which are above 1◦ are classified as substructure grains (yellow). The
remaining grains are classified as recrystallized grains (blue) [30]. It can be seen from the
figure that, after solution-plus-aging treatment, the recrystallized nucleus and substruc-
tures were significantly increased, and the deformed matrix structure was significantly
reduced. The deformed matrix structure of the sheet was reduced from 91% to 18.24%;
the recrystallized nuclei and substructure increased from 7.57% to 50.63% and 1.43% to
31.13%, respectively. The increase in recrystallization nuclei was due to recrystallization
during the heat treatment process. The formation mechanism may be that, during the heat
treatment process, a certain section of the original grain boundary penetrated the larger
residual strain grains and the deformation storage energy disappeared [10,29]. Moreover,
many strain-free recrystallized nuclei were formed through the merger of subgrain or grain
boundaries [31,32].

Figure 11. Recrystallized (blue), substructure (yellow), and deformed (red) grains in TC4 alloy:
(a,c) Hot-rolled; (b,d) 930 ◦C/15 min, WQ + 560 ◦C/2 h, FC.

Figure 12 shows the misorientation angle distributions of TC4 alloy sheet after heat
treatment. The misorientation distribution map represents the proportion of orientation
angles of grain boundaries; the random distribution of polycrystalline orientation is repre-
sented by the black line, indicating that it has no preferred orientation. The grain boundaries
significantly changed after heat treatment, the low-angle grain boundaries (LAGBs, <5◦)
and high-angle grain boundaries (HAGBs, >15◦) of the hot-rolled sheet accounted for
90.19% and 9.81%, and the LAGBs and HAGBs of the heat-treated sheet accounted for
38.83% and 61.17%, respectively. Moreover, a large number of LAGBs in the hot-rolled
sheet were distributed in the range 0◦ to 15◦, showing a characteristic “single peak”, and
there were some obvious peaks in the heat-treated sheet around 4◦, 64◦ and 90◦. There were
a number of grain boundary orientations around 60◦, which was related to the different
variants of the β-phase to the α phase. The α-phase precipitated in a Burgers relationship
to the β-phase with twelve crystallographic variants; the misorientations could be divided
into six types according to the axis-angle pairs, as shown in Table 2 [33]. The distribu-
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tion of the sheet after heat treatment was similar to random distribution, but there was
a certain deviation. Compared with the hot-rolled sheet, the HAGBs of the heat-treated
sheet increased and the degree of preferred orientation decreased. In summary, the HAGBs
increased and the LAGBs decreased after solution-plus-aging treatment. The reason was
that recrystallization occurred during the heat treatment process, which caused the original
lamellar structure to be spheroidized [25,34]. In addition, the HAGBs of the sheet after
solution-plus-aging treatment accounted for the largest proportion, indicating that its de-
gree of recrystallization was the largest; the degree of preferred orientation was reduced,
showing the characteristic of random orientation.

Figure 12. Misorientation angle distributions of TC4 alloy sheets: (a,c) hot-rolled; (b,d) 930 ◦C/15 min,
WQ + 560 ◦C/2 h, FC.

Table 2. The six types of pair-wise misorientation between α and β phase.

Type Angle Pair Axis Probability Occurrence

A 0 15.38%
B 10.53◦ [0 0 0 1] 7.69%
C 60◦ [1 1 −2 0] 15.38%
D 60.83◦ [−1.377 −1 2.377 0.359] 30.77%
E 63.26◦ [−10 5 5 3] 15.38%
F 90◦ [1 −2.38 1.38 0] 15.38%

The pole figures (PFs) are shown in Figure 13. The hot-rolled sheet had a strong basal
texture in the {0001} pole figure, and the c-axis of the grains was deflected away from
the ND direction to the RD direction; the angle between the c-axis and ND direction was
about 40◦. There was variant distribution and coarsening behavior of the α-phase [33].
In this study, the intensity of the heat-treated sheet was lower than that of the hot-rolled
sheet, and the c-axis of the α-phase grains was almost parallel to the TD, which showed
typical transverse texture characteristics [34]. In summary, the hot-rolled and heat-treated
sheets both had basal texture in the {0001} pole figure, and the intensity was obviously
weakened after heat treatment. In addition, the grains rotated and the transverse texture
appeared [35].
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Figure 13. PFs of TC4 alloy sheets: (a) Hot-rolled (b) 930 ◦C/15 min, WQ + 560 ◦C/2 h, FC.

The inverse pole figures (IPFs) are shown in Figure 14. It can be seen from Figure 14a
that the grain orientation in the RD direction of the hot-rolled sheet was between <0001>
and <1210>,, and the grain orientations in the TD and ND direction were between <0001>
and <0110> . It can be seen from Figure 14b that most of the grains in the RD direction of the
heat-treated sheet were between <0110> and <1210>,, and some grains were between <0001>
and <0110> in the TD direction. The grains in the ND direction were oriented away from
<0001>, and their intensity decreased after heat treatment, indicating that some grains had
rotated. This phenomenon represents the weakening and randomization of the texture [36].

Figure 14. IPFs of TC4 alloy sheets: (a) Hot-rolled (b) 930 ◦C/15 min, WQ + 560 ◦C/2 h, FC.

4. Conclusions

(1) After solution-plus-aging treatment, the phase of the TC4 hot-rolled and aged sheets
was mainly composed of α/α′-Ti and β-Ti, and the peak intensities of each phase
were higher than those of the unheated sheet, indicating that the grains had grown up.
With increase in aging time, the equiaxed primary α-phase grew up gradually and
grain globularization occurred, but the volume fraction of the primary α-phase did
not change significantly. The morphology of the transformed β-phase was obviously
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changed; many secondary α-phases precipitated on the β matrix appeared to be
merged and grown up, and some transformed β-phases disappeared.

(2) With increase in aging time, the strength of the heat-treated sheets decreased and the
plasticity slightly increased; the difference between the anisotropy of the sheets was
small. After aging for 2 h, the comprehensive properties were the best. The Vickers
hardness of the sheet showed a downward trend; the value was proportional to its
strength, and inversely proportional to its elongation. The fracture dimples, which
were ductile fracture, in the RD and TD directions of the samples were similar, and
the dimples became larger with increase in aging time.

(3) After heat treatment, the recrystallized nucleus and substructures were increased, and
the deformed matrix structure was reduced. The LAGBs decreased and the HAGBs
increased after heat treatment. There was a basal texture in the {0001} pole figure, the
intensity was obviously weakened after heat treatment, and some grains had rotated,
indicating that the anisotropy was greatly improved.
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Amorphous Alloy Ti-Zr-Si-Fe
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Abstract: Ti-based alloy Ti75Zr11Si9Fe5 (At %) and Ti66Zr11Si15Fe5Mo3 (At %) ribbons are fabricated
by a single roller spun-melt technique, according to the three empirical rules. Both alloys are found to
have a large, supercooled liquid region (ΔTx) before crystallization that reaches 80–90 K. The results
show that both alloys possess excellent glass-forming abilities. The electrochemical measurement
proves both amorphous alloys possess relatively high corrosion resistance in 3 mass% NaCl solution.

Keywords: glass-forming ability; corrosion behavior; amorphous alloy

1. Introduction

Ti-based alloys have the advantages of high specific strength and strong corrosion
resistance and are widely used as engineering materials [1–3]. At the same time, it has
been found that amorphous alloys have superior mechanical properties, ductility and
corrosion resistance compared to crystalline alloys [4–7]. Therefore, in recent decades,
people have shown more and more interest in Ti-based amorphous alloys, and a lot of
scientific research has been carried out [8,9]. Compared with crystalline Ti-based alloys,
amorphous titanium alloys exhibit higher mechanical properties [10,11], low elastic mod-
ulus, excellent biocompatibility and high corrosion resistance. With the development of
titanium-based amorphous alloys, Ti-rich bulk glassy alloys were found in rapidly solidi-
fied Ti-Cu-Al [12,13], Ti-Cu-Ni (Co) [14–16], Ti-Cu-Zr-Ni [17,18], Ti-Cu-Co-Al-Zr [19] and
Ti-Cu-Ni-Sn (Si) [20,21] systems to date. Since 1988, many alloys with high glass-forming
ability and capable of being formed into bulk metallic glasses (BMG) have been discovered
more and more, for example, in multicomponent Mg-, La-, Zr-, Fe- and Pd-based metals
in the alloy system. Later, Takeuchi and Inoue [22] classified BMGs into seven groups
by studying the chemical species, internal atomic size differences and mixing heat of the
constituent elements. This classification helps to grasp the various characteristics of BMG.
In G-IV and G-VI, the Ti-based BMGs are generalized. However, the constituent elements
are Ti-Cu-Ni and Ti-Zr-Cu systems, respectively. In this paper, Ti75Zr11Si9Fe5 (At %) and
Ti66Zr11Si15Fe5Mo3 (At %) are fabricated successfully, whose constituent elements are
Ti-Zr-Si. The main reason for choosing Ti75Zr11Si9Fe5 (At %) and Ti66Zr11Si15Fe5Mo3
(At %) in this research study is that the addition of alloying elements has a great influence
on the phase composition and glass-forming ability of amorphous alloys. When selecting
the added elements, it is necessary to consider not only the good glass-forming ability
after addition but also the compatibility and harmfulness of the implants with the human
body. For example, the metals Cu and Ni will cause cytotoxicity and neurotoxicity to
the human body, while Al may cause Alzheimer’s and other symptoms. The novelty of
this work includes three main aspects. In the first aspect, new ti-based amorphous alloys
Ti75Zr11Si9Fe5 (At %) and Ti66Zr11Si15Fe5Mo3 (At %) are designed and developed for the
first time. Secondly, Ti75Zr11Si9Fe5 (At %) and Ti66Zr11Si15Fe5Mo3 (At %) amorphous
alloys have been prepared for the first time, which have good glass-forming ability. Thirdly,
the corrosion resistance of the two new titanium-based alloys is significantly improved
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compared with pure titanium and Ti6Al4V alloys. The results show that both alloys possess
excellent glass-forming ability. In addition, this paper also presents the thermal stability
and corrosion behavior in NaCl solutions of both alloys.

2. Experimental Procedures

There are two main hypotheses in this study. Hypothesis 1, Ti75Zr11Si9Fe5 (At %) and
Ti66Zr11Si15Fe5Mo3 (At %) have good glass-forming ability. Hypothesis 2, Ti75Zr11Si9Fe5
(At %) and Ti66Zr11Si15Fe5Mo3 (At %) amorphous alloys have good corrosion resistance.
The alloy ribbons with a width of 5–8 mm and thickness of about 80 um were fabricated
from the buttony Ti-based alloy ingots with nominal compositions of Ti75Zr11Si9Fe5 (At
%) and Ti66Zr11Si15Fe5Mo3 (At %) by a single-roller spun-melt technique under an argon
atmosphere. The phase composition and microstructure of the as-quenched alloy ribbons
were examined by X-ray diffraction (XRD) using Cu Kα radiation and transmission electron
microscopy (TEM), respectively. The thermal stability associated with glass transition
temperature (Tg) and crystallization temperature (Tx) was investigated by differential
scanning calorimetry (DSC) at a heating rate of 10 K/s. The corrosion behavior of both
Ti75Zr11Si9Fe5 (At %) and Ti66Zr11Si15Fe5Mo3 (At %) was evaluated by electrochemical
measurement. The electrolyte of 3% NaCl solution open to air was used at room tempera-
ture (about 298 k). The electrochemical measurements were conducted in a three-electrode
cell using a saturated calomel (SCE) and graphite counter electrodes. The potentiodynamic
cathodic and anodic polarization curves were measured separately at a potential sweep
rate of 50 mV min−1. Hypothesis 1 can be supported by the XRD experiment and DSC
experiment. Hypothesis 2 can be supported by electrochemical measurements.

3. Results and Discussion

3.1. Amorphous Structure of the Melt-Spun

Figure 1 below shows the melt-spun amorphous structure found in the patterns
obtained from XRD experiments. From Figure 1, a broad peak can be clearly observed
in the 2θ range of 31–48◦, and binding experiments can analyze that this broad peak is
produced by the amorphous phase. This indicates that both alloys designed have very good
amorphous-forming ability. However, it can be seen from the figure that the glass-forming
ability of the two alloys is not the same, and the alloy Ti66Zr11Si15Fe5Mo3 (At %) is better
than that of Ti75Zr11Si9Fe5 (At %). The high glass-forming ability (GFA) of these two
alloys by stabilizing the supercooled liquid region is mainly due to the formation of a
new type of glassy structure; the structure has some special features, such as high-density
packing, a new local atomic configuration and long-range homogeneity with attractive
interactions [23–25].

Figure 1. X-ray diffraction patterns of the as-quenched Ti66Zr11Si15Fe5Mo3 (At %) and
Ti75Zr11Si9Fe5 (At %).
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In this paper, guided by the three empirical theories of Japanese scholar Inoue, com-
bined with the theory of supercooled region before the crystallization of molten liquid
in thermodynamics, as well as the most basic principle of a phase diagram, etc., the
glass-forming ability of the two alloys was studied. Except for Pd-based alloys, most of
the currently reported bulk glass alloys have those simple empirical composition rules.
On the basis of a comprehensive study of important quantities such as alloying element
additions, the different atomic size ratios and the interaction between constituent ele-
ments, Inoue outlined the three empirical rules [22]. First, the Ti75Zr11Si9Fe5 (At %) and
Ti66Zr11Si15Fe5Mo3 (At %) alloys used in the experiment contain at least four types of
elements, both of which exceed three. In the Ti66Zr11Si15Fe5Mo3 (At %) alloy, compared
with the Ti75Zr11Si9Fe5 (At %) alloy, Mo is added, and the addition of this element makes
the alloy more in line with the three empirical rules [22], which may be the reason the
amorphous phase formation ability of the alloy is better than that of Ti75Zr11Si9Fe5 (At %).
Second, the atomic size ratios between the main components of the two alloys both exceed
12% and are significantly different. The rearrangement of constituent elements of different
atomic sizes may lead to higher packing densities. During the formation of titanium-based
amorphous alloys, constituent elements of different atomic sizes are rearranged, and this
process results in alloys with higher stacking densities. The atomic dimensions of the
elements are derived from the atomic radii listed in the data book [26], which are calculated
as half the distance between atoms in the crystalline state.

Table 1 lists the atomic radius of different elements. The atomic radii of both alloys
exhibit the following rules: Si < Fe < Ti < Zr. The heat of mixing between the components of
the alloy is negative. Since the crystallization of amorphous alloys requires a large amount
of activation energy, the existence of atomic pairs with different negative mixing heats
in amorphous alloys can greatly improve the thermal stability of supercooled liquids. In
addition, in the amorphous alloy Ti66Zr11Si15Fe5Mo3 (At %), due to the addition of Mo,
the degree of negative mixing heat between atomic pairs in the alloy is greatly deepened,
such as the existence of atomic pairs such as Ti-Mo and Si-Mo, and this can increase the
value of the negative heat of mixing in the alloy system. In addition, in the amorphous alloy
Ti66Zr11Si15Fe5Mo3 (At %), due to the addition of Mo, the number of atomic pairs with
negative heat of mixing, such as Ti-Mo and Si-Mo, can be effectively increased. Here, we
express the heat of mixing between pairs of alloy atoms by the enthalpy of mixing between
pairs of atoms containing equal atomic contents. The values of heat of mixing were quoted
as the enthalpy of mixing (ΔHmix

AB ) [27,28] of the binary liquid in an A–B systems at an
equi-atomic composition.

Table 1. Atomic radius of the elements/nm.

Element Ti Zr Fe Si Mo

Atomic radii 0.417 0.162 0.124 0.117 0.136

Table 2 lists the values of ΔHmix
AB (KJ/mol), for the atomic pairs between the two

alloying elements were calculated according to the Miedema model. Generally, the mixing
enthalpy of the solid alloy solution is affected by structural factors of the material itself, the
chemical and elastic [29]. However, since, in a liquid (glassy) melt, there are no elastic and
structural factors, in the research, the mixing enthalpy only considers chemical factors, and
the mixing enthalpy can be determined based on the regular melt model [29,30], where
Ωij(=4ΔHmix

AB ) is the regular melt interaction parameter between the ith and jth elements, ci

is the atomic percentage of the ith component, and ΔHmix
AB is the mixing enthalpy of binary

liquid alloys.

ΔHmix =
n

∑
i=1,i �=j

Ωijcicj
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The calibration value of ΔHmix
AB is used as ΔHmix

AB
(cali) = ΔHmix

AB − ΔHtrans/2 for con-

taining one nontransition metal and ΔHmix(cali)
AB = (ΔHtrans

i + ΔHtrans
j )/2 for containing

two nontransition metals. ΔHtrans are 100, 30, 180, 310, 17, 34 and 25 KJ mol−1 for contain-
ing H, B, C, N, Si, P and Ge [29], respectively. In summary, the enthalpies of mixing of the
both alloys are −159.348 KJ/mol and −117.8748 KJ/mol, respectively. It is worth noting
that the negative effect of the former alloy is greater than that of the latter alloy, which is
part of the reason why the amorphous forming ability of Ti66Zr11Si15Fe5Mo3 (At %) is
better than Ti75Zr11Si9Fe5 (At %). To sum up, the alloy system contains more than three
alloys, the atomic size difference between the main components is greater than 12% and the
large negative mixing enthalpy can lead to an alloy with a lower atomic dispersibility and
glassy structure with a higher atomic stacking density. In general, the higher the stacking
density of atoms, the better the thermal stability of the amorphous alloy and the greater the
resistance of the supercooled liquid to the crystal transformation—that is, the higher the
glass-forming ability of the amorphous alloy [31].

Table 2. The values of ΔHmix
AB /KJ/mol calculated by Miedema’s model for atomic pairs between elements.

Ti Zr Fe Si Mo

Ti 0 0 −17 −66 −4
Zr 0 0 −25 −84 −6
Fe −17 −25 0 −35 −2
Si −66 −84 −35 0 −35

Mo −4 −6 −2 −35 0

3.2. Microstructure Morphologies

The SEM microstructure of Ti75Zr11Si9Fe5 (At %) and Ti66Zr11Si15Fe5Mo3 (At %) is
shown in Figure 2. It can be seen from Figure 2 that the SEM microstructures of the two
alloys have relatively simple surface morphologies, showing a disordered glass structure.
Compared with Ti75Zr11Si9Fe5 (At %), Ti66Zr11Si15Fe5Mo3 (At %) has smaller grains in
the structure. The main reason is that the atomic content of metalloid element Si is increased
in the alloy Ti66Zr11Si15Fe5Mo3 (At %), and there is a large atomic size difference between
Si and the main metal element Ti and a large negative mixed heat; this greatly increases
the topologically disordered arrangement of atoms or molecules in the three-dimensional
space of the alloy system, which hinders the progress of crystallization.

The TEM morphology of Ti75Zr11Si9Fe5 (At %) and Ti66Zr11Si15Fe5Mo3 (At %) is
shown in Figure 3. It can be seen from the figure that the grain boundaries of the matrix
phases of the two alloys are blurred, and even no grain boundaries can be seen in some
areas, which is very similar to the amorphous structure of metallic glass. At the same time,
a large number of nanoparticles cause precipitation along the fuzzy grain boundaries of the
alloy, especially at the intersection of multiple grain boundaries, and the particle size of the
precipitates is significantly larger than the other grain boundaries. The main reason is that
the second phase has a greater probability of nucleation in the high-energy region at the
defect, and the grain boundaries, dislocations and vacancies belong to such high-energy
regions, and, relatively speaking, the grain boundary is more conducive to the second
phase: nucleation. In addition, a sufficient amount of elements in the alloy are beneficial to
the formation of the β-phase structure, so that a sufficient amount of β-phase structure has
been formed when the alloy is in the molten state. The lower phase can also appear in the
higher energy grain boundary region in the form of a second phase.
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(a) (b) 

  

(c) (d) 

Figure 2. The SEM microstructure of Ti75Zr11Si9Fe5 (At %) and Ti66Zr11Si15Fe5Mo3 (At %):
(a) Ti75Zr11Si9Fe5 (At %) (500×), (b) Ti75Zr11Si9Fe5 (At %) (1000×), (c) Ti66Zr11Si15Fe5Mo3 (At %)
(500×) and (d) Ti66Zr11Si15Fe5Mo3 (At %) (1000×).

  
(a) (b) 

Figure 3. TEM morphology of Ti75Zr11Si9Fe5 (At %) and Ti66Zr11Si15Fe5Mo3 (At %):
(a) Ti75Zr11Si9Fe5 (At %) and (b) Ti66Zr11Si15Fe5Mo3 (At %).

3.3. Analysis of DSC

Figure 4 shows the DSC thermograms of amorphous alloys of both Ti75Zr11Si9Fe5 (At
%) and Ti66Zr11Si15Fe5Mo3 (At %). From the figure, it can be found that there is an obvious
and broad glass transition region. Due to the large atomic size difference and negative
mixing heat among the multi-components of the bulk amorphous alloy, the nucleation
and growth rate of the crystalline phase of the alloy are inhibited. As a result, a stable
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supercooled liquid phase region appears in the alloy before crystallization. It can be seen
from the figure that there are differences in the supercooled liquid phase (ΔTx) of the two
alloys before crystallization, which are about 80 K and 90 K, respectively, and this is not
common in the Ti-based amorphous alloy system. The single exothermic peak is generated
by the interaction of several crystal phases. The crystalline mode implies that the atomic
rearrangements of the constituent elements on a long-range scale are necessary for the
progress of the crystallization reaction. This inevitably leads to a delay in the crystallization
reaction, resulting in a high thermal stability of the supercooled liquid. In such supercooled
liquids, the topological and chemical short-range order will be greatly enhanced, and the
structure will also change, which is conducive to the formation of high-density random
packing structures, which are typically characterized by low atomic diffusivity. In general,
the higher the stacking density of atoms, the better the thermal stability of the amorphous
alloy and the greater the resistance of the supercooled liquid to the crystal transformation—
that is, the higher the glass-forming ability of the amorphous alloy [31]. All these further
improve that both Ti75Zr11Si9Fe5 (At %) and Ti66Zr11Si15Fe5Mo3 (At %) alloy ribbons
with a large, supercooled liquid region possesses a high glass-forming ability and can
be consolidated into a bulk form by taking advantage of the large viscous flow in the
supercooled liquid region.

 
Figure 4. DSC thermograms of amorphous alloys of both Ti75Zr11Si9Fe5 (At %) and
Ti66Zr11Si15Fe5Mo3 (At %).

3.4. The Potentiodynamic Polarization Curve

In order to gain a deeper and more comprehensive understanding of the corrosion
behavior of these two amorphous alloys, electrochemical measurement was performed in
3 mass% NaCl solution. Before the start of the corrosion test, the alloy specimens were
mechanically polished in cyclohexane with silicon carbide paper up to grit 2000, degreased
in acetone, washed in distilled water, dried in air and further exposed to air for 24 h for
good reproducibility. Figure 5 shows the potentiodynamic polarization curve of both
Ti75Zr11Si9Fe5 (At %) and Ti66Zr11Si15Fe5Mo3 (At %) amorphous alloys in 3 mass%
NaCl solution open to air at 298 K. As seen in Figure 5, pure Ti and Ti6Al4V alloys are
passivated with different current densities. However, both amorphous alloys kept steady
current densities at about 0 A.m−2, which suggests that both were hardly eroded by the
3 mass% NaCl solution. Based on the data, it is concluded that the both amorphous alloys
relatively possess excellent corrosion resistance compared with pure Ti and Ti6Al4V alloys
in the Cl--containing solutions or brine. Ti and Zr are known as strong passive valve
metals in aggressive environments, and the enrichment of Ti and Zr in the surface film
was found in Ti- and Zr-containing Ni-based glassy alloys [31]. This indicates that the
improved corrosion resistance of the two amorphous alloys is mainly due to the formation
of a protective film rich in Ti and Zr on the surface of the alloys in the NaCl solution.
In addition, the improvement of corrosion resistance is also related to the structural and
chemical uniformity of amorphous alloys.
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Figure 5. The potentiodynamic polarization curve of both Ti75Zr11Si9Fe5 (At %) and
Ti66Zr11Si15Fe5Mo3 (At %) amorphous alloys in 3 mass% NaCl solution open to air at 298 K.

4. Conclusions

(1) Ti−based alloys with nominal compositions of Ti75Zr11Si9Fe5 (At %) and
Ti66Zr11Si15Fe5Mo3 (At %) have excellent amorphous-forming ability, which both
satisfies the three empirical rules.

(2) Both 75Zr11Si9Fe5 (At %) and Ti66Zr11Si15Fe5Mo3 (At %) amorphous alloys have
a large, supercooled liquid region before crystallization, which is important to the
amorphous-forming ability of the alloys.

(3) The addition of Si and Mo improve the amorphous-forming ability of
Ti66Zr11Si15Fe5Mo3 (At %) alloy.

(4) Both 75Zr11Si9Fe5 (At %) and Ti66Zr11Si15Fe5Mo3 (At %) possess relatively excellent
corrosion resistance, compared with pure Ti and Ti6Al4V alloys.

In this study, in order to ensure the accuracy of the two alloy compositions and the
reliability of the results, it is suggested to test the composition of the two alloys before
the experiment. Titanium-based alloys are widely used in biomedical fields because of
their excellent biocompatibility and biological activity. Especially as a biological implant
material, it plays an important role. The elastic modulus, excellent biocompatibility and
excellent corrosion resistance make it develop rapidly. The results of this study about
Ti75Zr11Si9Fe5 (At %) and Ti66Zr11Si15Fe5Mo3 (At %) will be beneficial to promote the
development and application of titanium alloy implant materials.
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Abstract: An ultra-strong Ti-based bulk metallic glass composite was developed via the transformation-
induced plasticity (TRIP) effect to enhance both the ductility and work-hardening capability of the
amorphous matrix. The functionally graded composites with a continuous gradient microstructure
were obtained. It was found that the austenitic center possesses good plasticity and toughness.
Furthermore, the amorphous surface exhibited high strength and hardness, as well as excellent wear
corrosion resistance. Compared with the Ti-6Al-4V alloy, bulk metallic glass composites (BMGCs)
exhibit better spontaneous passivation behavior during the potential dynamic polarization. No
crystallization was observed on the friction surface, indicating their good friction-reduction and
anti-wear properties.

Keywords: bulk metallic glass; phase transformation; mechanical behavior; corrosion wear resistance

1. Introduction

Because of the excellent integrated properties, bulk metallic glasses (BMGs) have
become a shining rookie of the material world. They can be used as the functional structural
materials with excellent physical, chemical and mechanical properties [1,2]. Ti-based
BMGs have drawn special interest due to their high specific strength, good corrosive wear
resistance and excellent biocompatibility, and are widely used in medicine, environmental
protection, energy conservation, aerospace and other military industries [3]. As known,
among the traditional biomedical materials, titanium-based alloys have become the first
choice of orthopedic and dental implant products due to their good biocompatibility and
mechanical properties, high corrosion resistance and relatively low Young’s modulus [4,5].
Biomedical titanium based amorphous alloys possess higher strength and hardness, which
allows them to exhibit better wear resistance under dry and wet friction [6].

However, a significant drawback of BMGs includes the limited strain softening with
loading, which restricts their application as an advanced structural material. Further-
more, BMGs are significantly less ductile as compared to crystalline alloys. The plastic
deformation of crystalline materials typically occurs by dislocation motion. Due to the
periodic arrangement of atoms and the long-range translational symmetry, the propagation
of dislocations can be carried out at lower energy or stress states. Although dislocations
do not exist in BMGs, the plastic deformation of BMGs occur via the rearrangement of
localized atoms. This rearrangement requires higher energy or stress than dislocations and
is not easy to slip, thus forming localized softening shear bands. The shear band is the
main carrier of the plastic deformation of BMGs and typically forms during the percolation
of the stress-induced shear transition region (the active atomic cluster motion region) in the
nanoscale layer.
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The appearance of in-situ BMGCs is predestined. As is well known, transformation-
induced Plasticity (TRIP) is an effective way to enhance the work-hardening ability of
conventional materials. For instance, TRIP has been widely used in steel and ceramics to
enhance their ductility, toughness and work-hardening behavior. Recently, a great amount
of remarkable works utilized the TRIP method to develop some novel advanced structural
alloys. For instance, this method was used to improve both the strength and ductility in
BMGs and high entropy alloys (HEAs) [7–9]. Furthermore, some alloy systems have the
possibility of producing in situ composites which consist of shape memory crystals and
glassy matrix [10,11].

To beat the strength and ductility trade-off, in-situ BMGCs intervene in the prolifer-
ation and expansion of the multiple main plastic deformation carrier, shear bands (SBs).
However, SBs form during percolation of the localized stress-induced shear transition
region in the nanoscale layer and thus usually induce the strain softening as loading. To
improve the stain hardening, TRIP-BMGCs introduce the crystals which can realize stress-
induced martensite phase transition and twinning to guarantee a strong work-hardening
rate and toughening degree. Based on current understanding, for crystalline alloys the
increasing stress-induced martensite transformation via dislocations pile-up in the unstable
austenite phase, which delays the plastic deformation period and thereby enhances both the
strength and plasticity. However, the strong work hardening behavior mechanism, how the
amorphous matrix interacts with the crystals, is not fully explained. In this paper, a novel
system of the low elastic modulus, ultra-strong Ti-based BMGCs were developed, through
TRIP effect of the B2/B19′ dual shape-memory crystals (DSMCs) to enhance both the ductil-
ity and work-hardening capability. The functionally graded composites with a continuous
gradient microstructure were obtained during the casting solidification. The amorphous
surface of the BMGC was found to exhibit high strength and hardness, as well as excellent
wear resistance and corrosion resistance. Importantly, since the Ti-based BMGCs exhibit
elastic modulus values that are comparable to those for biological organisms, they have
potential for use as implant materials. Meanwhile, the austenitic center of the Ti BMGC
possesses good plasticity and toughness. Thus, the DSMC toughened Ti-based BMGCs are
expected to have a wide range of application as functional and structural materials [12–14].

For this work, to better understand the strong work hardening behavior mechanism,
as well as the interaction between amorphous matrix and the crystals, a systematic inves-
tigation was conducted to fundamentally understand the effect of DSMC on the macro
and micro-mechanical behavior, work-hardening mechanism and functional properties
of Ti BMGCs. To accomplish this endeavor, the microstructure, compressive properties
and micro-mechanical, nano fretting and creep behaviors at the ambient temperature
were examined. Thus, the connection between the macro-mechanical behavior and the
microstructure of the alloy, the nanofretting behavior and creep strain in different regions of
the sample, which are rarely reported, will be studied. Additionally, the work-hardening re-
sponse and wear corrosion behavior in different mediums were analyzed, and will expand
the application of Ti-based BMGCs as functional and structural materials

2. Materials and Methods

The ingots of the Ti40Ni40Cu20 (atomic percent) alloys were prepared by mixing the
constituent elements with purities >99.99 (weight percent) in a high-frequency induction
vacuum furnace with a water-cooled Cu crucible under an argon atmosphere. Each in-
got was re-melted at least six times to ensure a homogeneous microstructure. Ti-based
cylinder samples with Φ3 mm were prepared by suction casting into copper mold. The
microstructure of the alloys was studied, using the X-ray diffractometer (XRD, D/max-
2400, Rigaku, Tokyo, Japan) with Cu-Kα radiation (40kV-30mA), thermal field-emission
scanning electron microscopy (SEM, JSM-5600LV, JEOL, Akishima, Japan) and transmission
electron microscopy (TEM, JEM-2010, JEOL, Akishima, Japan) coupled with the selected
area diffraction pattern (SADP). The thermal response of the alloy was investigated using
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a differential scanning calorimeter (DSC, Nietzsche STA449F3, Munich, Germany) under
flowing purified argon at a heating rate of 20 K/min.

For compression tests, Φ3 mm cylinder samples with a height-diameter ratio of 2:1
were fabricated. The two compression faces of each sample were then carefully polished
such that they were parallel to one other. For the mechanical testing experiments, an
Instron 3382 electronic-testing machine was employed. Here, samples were subjected to a
strain rate of 5 × 10−4 s−1. The nanoindentation measurements were carried out at room
temperature using a Hysitron TI-950 in-situ nanomechanical testing system equipped with
a diamond Berkovich tip (Minneapolis, MN, USA). The load resolution and background
noise were less than 1 and 30 nN, respectively. Furthermore, the displacement resolution
and background noise were less than 0.02 and 0.2 nm, respectively. The specimens were
mechanically polished to a mirror finish before nanoindentations. The displacement–load
curves of the edge, transition and center zones were obtained by loading and unloading
at a constant loading rate of 0.2 mN/s, loading up to the maximum 10 mN for 10 s, then
unloading to 0 mN at the same loading rate.

Electrochemical measurements were conducted using the Potentiostat Workstation
μAutolab Type III. Tests were carried out using a three-electrode cell equipped with a
platinum counter electrode (CE) and an Ag/AgCl reference electrode (RE). The samples
were immersed in solutions, where they were used as working electrodes (WE). The tests
were performed in 310 K Phosphate-buffered Saline (PBS) solution (8 g/L NaCl, 0.2 g/L
KCl, 0.14 g/L NaH2PO4, 0.2 g/L KH2PO4, prepared from analytic reagents and distilled
water, and diluted with 1mol/L NaOH up to PH 7.3), and 298 K Artificial Sea Water
(ASW) (24.53 g/L NaCl, 5.20 g/L MgCl2, 4.09 g/L Na2SO4, 1.16 g/L CaCl2, 0.695 g/L
KCl, 0.201 g/L NaHCO3, 0.101 g/L KBr, 0.027 g/L H3BO3, 0.025 g/L SrCl2, 0.003 g/L NaF,
prepared from analytic reagents and distilled water, and diluted with 1mol/L NaOH up
to PH 8.2), respectively. The potentiodynamic polarization curves were recorded using a
potential sweep rate of 5 mV/s in which the potential ranged from −0.8 to +0.8 V/E. After
immersing the specimens for 30 min, the experiments were performed in simulated sea-
water and simulated body solutions that was exposed to air. Furthermore, the experiment
was run until the open-circuit potential (OCP) reached steady-state conditions. All electro-
chemical measurements were repeated at least three times to verify the reproducibility of
the results. The surface linear reciprocating sliding friction and wear tests were carried out
on an MFT-R4000 high-speed friction and wear testing apparatus using GCr15 balls with a
diameter of 9.6 mm under a normal load of 20N. From the results, the morphology and
corrosion products of wear corrosion were determined via a SEM JSM-5600LV with energy
dispersive spectrometry (EDS) mapping.

3. Results and Discussion

3.1. Microstructure

The X-ray diffraction patterns of the as-cast and fracture sample after compressive
loading are shown in Figure 1a. As can be seen, the XRD pattern of the as-cast alloy exhibits
a diffuse hump for angles ranging from 2θ = 35◦ to 2θ = 50◦. Moreover, sharp crystal diffrac-
tion peaks which represent the B2-Ti (Ni, Cu) and B19′-Ti (Ni, Cu) phases are superimposed
over the diffuse scattering peak, indicating that the structure contains both a metallic glass
matrix and crystal composite structures. The radius of the Ti, Ni and Cu atoms were also
determined to be 0.086, 0.069 and 0.073 nm, respectively. As Cu is larger than Ni, Cu
atoms will increase the interatomic spacing when they replace Ni atoms in the B2-TiNi and
B19′-TiNi structures, which leads to the formation of the Ti (Ni, Cu) solid solutions. Conse-
quently, the XRD diffraction peaks will shift to lower angles. The TEM selected area electron
diffraction (SAED) patterns and HRTEM image of the as-cast Ti40Ni40Cu20 are shown in
Figure 1b,c. As mentioned in the X-ray diffraction patterns, the corresponding dispersion
halo ring and the diffraction patterns confirm the amorphous and DSMC mixed structure.
The high-resolution transmission electron microscopy (HRTEM) and the fast Fourier trans-
form (FFT), further certified the microstructure of DSMC BMGCs. The mixing enthalpies,
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ΔHmix Ti-Ni = −35 KJ/mol, ΔHmix Ti-Cu = −9 KJ/mol and ΔHmix Ni-Cu = 4 KJ/mol, indi-
cate the stronger bonding between Ti and Ni. Additionally, as the cooling rates significantly
increase from inner region of the material to the surface, the thermally-induced B19′-Ti
(Ni, Cu) martensite transformations can be observed (Figure 1d,e). In this scenario, the
Cu atoms are discharged from the dendritic gap, which results in an increase in the glass
forming ability (GFA) of the residual liquid. Furthermore, the martensite interface loses
coherence and undergoes amorphization (Figure 1c,d). Finally, liquid atoms that are located
in the edge zone arrange into an amorphous configuration directly before nucleation and
diffusion (Figure 1d). It can be observed that the Ni content in the inner B2-Ti (Ni, Cu)
dendrite is significantly greater than that of the surface. Since Ni can effectively reduce
the martensite phase transformation temperature in the BMGC, the inner B2 dendrites are
stable (Figure 1f). Thus, the functionally graded composites with a continuously graded
microstructure can be obtained when there is a temperature gradient in the material during
solidification. In this condition, the amorphous surface may exhibit high strength and
hardness, excellent wear resistance, corrosion resistance and biological compatibility, while
the austenitic center will possess good plasticity.

   

   

Figure 1. Microstructure of Φ3 mm Ti40Ni40Cu20 alloy. (a) XRD patterns of as-cast and post-fracture
samples. (b) TEM and SADP of as-cast samples, dispersion halo ring and diffraction patterns
confirm the amorphous and DSMC mixed structure. (c) High resolution transmission electron
microscopy (HRTEM) and Fast Fourier transform (FFT) further certified the microstructure of DSMC
BMGCs. (d–f) Optical microscope (OM) of the edge, transition and inner zones; (d) contains a more
amorphous featureless phase, fine lath martensite and some small austenite plates; (e) contains more
coarse lath martensite and some fine austenite dendrites, and a small amount of amorphous phase;
(f) mostly contains the developed austenite dendrites, and little lath martensite and amorphous
featureless phase.

3.2. Macro-Mechanical Properties

From the XRD pattern of the post-fracture sample displayed in Figure 1a, the stress-
induced preferentially-oriented-(−111) martensitic transformation from the (012) partial
austenite forms during loading. Figure 2a shows the work hardening rate, θ = dσ/dε,
and the true stress versus true strain curves of the alloy. The relationship between the
work hardening rate and the true strain can be divided into three stages. The initial work
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hardening stage, shows that the work hardening rate sharply decreases with the increase
of strain. This stage can be regarded as the preparation condition for the work hardening,
and the size of this stage indicates the degree of difficulty in which the material work
hardening is. Furthermore, in this stage, the alloy undergoes a phase transition in which
dislocations are formed that promote the work hardening in the alloy. The second stage
consists of the main stage for the strengthening and toughening of the material, where the
work hardening rate decreases with the increase of the strain. The longer the second stage
is, the larger the work hardening rate will be. The third stage refers to the linear hardening
stage, which is characterized by a work hardening rate that monotonically decreases with
the increase of strain. Compared to the other stages, the change of the work hardening rate
during this stage is the slowest. In this stage, the strengthening process will end, and the
longer the stage is, the larger the work hardening rate will be. That is to say, the higher the
strength of material as well as the better plasticity. Figure 2b gives the true compressive
stress versus strain data of Ti-based dendrite-composite alloys [15,16], and some other
advanced metastable alloys [17–19]. It is remarkable that the DSMC BMGCs deal better
with the strength–ductility trade-off.

 

Figure 2. (a) The work hardening rate and true stress versus true strain curves engineering stress-
strain curve of Φ3 mm Ti40Ni40Cu20 alloy; (b) compressive properties compared to some other
advanced alloys.

3.3. Micro-Mechanical Properties

To better understand the connection between the macro-mechanical behavior and
the microstructure of the alloy, the nanofretting behavior and creep strain in different
regions of the sample were examined. Additionally, the energy dissipation factor (EDF)
was calculated. Nanofretting is the special friction mode in which the relative reciprocating
motion amplitude is in the nanometer scale. The area of a hysteresis loop in the load–
displacement curve of radial nanofretting before closure reflects the process of the energy
dissipation.

The maximum elastic strain energy during loading is defined as the total deformation
energy (WL), which is the area under the load–displacement curve from Figure 3a (1):

WL =
∫ h′

0
PL(h)dh (1)

where PL(h) and h′ are the loading curve function and the maximum indention depth,
respectively. Then the elastic recovery energy during unloading, WU , can be calculated by
the area of enclosed zone of unloading curve from Figure 3a (2):

WU =
∫ h′

h f

PU(h)dh (2)
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where PU(h) is the unloading curve function. Therefore, the energy dissipated in each
reaction is [20]:

EDF =

∫ h′
0 PL(h)dh − ∫ h′

h f
PU(h)dh∫ h′

0 PL(h)dh
(3)

 

Figure 3. (a) P-H curves of nanofretting; (b) nano hardness, energy dissipation factor and creep strain
in different areas.

According to the load–displacement (L–D) curve results and the Oliver–Pharr method,
the calculated nano-hardness in the edge, transition and central regions increases, whereas
the plastic deformation, energy consumption factor and creep show the opposite trend.

3.4. Corrosion and Friction Behavior

Figure 4a gives the potentiodynamic polarization curves for the ASW and PBS of the
Ti–6Al–4V (TC4) and Ti40Ni40Cu20 BMGC. Both alloys show a spontaneous passivation
behavior. The free corrosion potential Ecorr values of the TC4 and BMGC were −0.490
and −0.346 V in the ASW at 298 K. In the PBS, these values were found to be −0.3608
and −0.287 at 310 K. As compared with the TC4, the BMGCs exhibit higher Ecorr values,
such that it is not easy to lose electrons, demonstrating a lower tendency to corrode. The
self-corrosion current density (Icorr) is given by the Tafel extrapolation method, where the
higher polarization resistance (Rp) can be calculated using the Stern–Geary equation [21]:

RP =
βaβc

2.3Icorr (βa + βc)
(4)

where βa is anodic Tafel slope and βc is cathodic Tafel slope. Icorr and the Rp of the TC4 and
the BMGC are 2.53 μA·cm−2, 1.5 × 105 Ω·cm2 and 1.601 μA·cm−2, 1.9 × 106 Ω·cm2 in the
ASW, while they were 0.488 μA·cm−2, 4.6 × 105 Ω·cm2 and 0.343 μA·cm−2, 3.2 × 106 Ω·cm2

in the PBS. Lower Icorr and higher Rp values indicate that the alloy has lower thermody-
namic tendency as well as slower kinetic rates of corrosion.

The standard electrode potential for the Ti, Ni and Cu elements are −1.63, −0.257 and
−0.342 V, respectively [22]. Thus, it is easier for the Ti atom to lose an outer electron which
results in the rapid formation of the TiO2 oxide film, the n-type semiconductor, hindering
the environmental and body hazardous element Ni from resolving-out [23]. The oxide film
is generated via the following chemical process:

Ti + 2H2O = TiO2 + 4H+ + 4e (5)

TiO2 + 2H2O = Ti4+ + 4OH− (6)

When the generation–resolution rate is equal, the reactions reach equilibrium and a
stable oxide film is formed. A higher Rp value indicates the formation of a more compact
passivation film with higher resistance. As the homogeneous amorphous surface seldom
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contains defects, non-uniform corrosion does not occur easily in the BMGC, and the
corrosion-resistance is greater than that of the crystalline alloy [24].

  
(a) (b) 

Figure 4. (a) Potentiodynamic polarization curves of Ti–6Al–4V and Ti40Ni40Cu20 BMGC in ASW at
298 K and PBS at 310 K; (b) friction coefficient of Ti40Ni40Cu20/GCr15 under dry friction and in ASW,
PBS solutions.

However, the TiO2 film is fragile and can easily be locally eroded if defects exist in the
microstructure below the passive film. Defects such as grain boundaries, inclusions, second
phase precipitates, micro pores and cracks will provide a condition for the initiation of
pitting corrosion in the medium with activated anions. In Figure 4a, the potentiodynamic
polarization curve for the BMGC in the ASW fluctuates around 0.2 V. Also, in Figure 4b,
the friction coefficient curve in the ASW also shows obvious fluctuations. In the scratched
oxide film, defects are absorbed by the anions, leading to anodic dissolution on the bare
alloy surface. In the protective area of the oxide film, the cathode reaction occurs, and can
be written as [25].

2H2O + O2 + 4e = 4OH− (pH ≥ 7) (7)

Thus, the active-passive cell forms, and the Ti ions in located in the etching pits contin-
ually increase in number. Furthermore, more Cl ions migrate into the pits. Consequently,
the TiCl4 phase forms as the corrosion product that subsequently causes hydrolyzation.
The hydrolyzation reaction is defined as:

TiCl4 + (x + 2)H2O = TiO2·xH2O + 4HCl (8)

The pH value of the etching pits decreases as the reaction proceeds, leading to acceler-
ated pitting. As illustrated in Figure 4a, the corrosion current density increases after pitting
occurs in the artificial seawater. Meanwhile, the concentration of the newly formed TiO2
increases to a certain extent, which hinders further development of the pitting. Thus, the
polarization curve presents repassivation after the pitting occurs. In addition, the corrosion
pit and its surrounding corrosion structure can be observed in Figure 5. As can be seen,
no obvious corrosion products are found in the rest area. EDS mappings show that the O
elements distribute on the surface, concentrated in the corrosion area. The Ti content is
greater and with a more uniform distribution on the surface. The Cl is mainly concentrated
on the boundary of the uncorroded region and the defects-caused corroded region. The Ni
and Cu elements were observed to uniformly distribute outside the corrosion area.
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Figure 5. SEM and EDS mappings of Ti40Ni40Cu20 BMGC wear surface in ASW.

That is, the uncorroded region is covered with a uniform oxide film. In the corroded
region and its surroundings, more O and Cl elements are enriched due to the newly formed
TiO2 and migrating Cl−. Ni and Cu have not participated in the corrosion process owing
to the protection of the passive film.

From Figure 4b, the friction coefficients μ of the ASW and PBS are only 0.261, 0.183
and 0.160 in air, and show a decreasing trend. The main wear behavior of the dry friction
are fatigue and abrasive damage. As for the artificial seawater, the wear mechanisms are
attributed to the fatigue and pitting wear. With respect to the PBS, the same mechanism
is associated with the fatigue wear. No crystallization was found to occur on the friction
surface of each sample, indicating that the BMGCs exhibits good friction-reduction and
anti-wear properties.

4. Conclusions

In the present work, Ti-based BMGCs were designed via TRIP effect of DSMCs to
enhance both the ductility and work-hardening capability. Based on the macro- and
micro-mechanical behavior, as well as three stages of work hardening, the TRIP effect
depends on the consistency of diffusion and moving velocity of solute atoms and movable
dislocations. Moreover, the excellent wear and corrosion resistance were attributed to
the amorphous surface. The versatile DSMC BMGCs can serve as advanced metals with
excellent mechanical and functional properties. However, the development and application
of DSMC BMGCs are limited by size restrictions and their processing and forming abilities,
which need further research in the future.
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Abstract: Grinding burn is an undesired defect in gear machining, and a white layer is an indication
of severe burn that is detrimental to gear surface performance. In this work, the influence of grinding
parameters on the thickness of the white layer during form grinding of quenched transmission gear
was investigated, and the microstructure evolution and mechanism of severe burn formation were
analyzed. The grinding temperature increased with the grinding depth and grinding speed, with
the highest level of ~290 ◦C. The thickness of the white layer exceeded 100 μm when the grinding
depth was 0.03 mm, and the top layer was a plastic deformation layer followed by a fine-grained
martensite layer. Coarse-grained acicular martensite was found at the interface between the white
layer and softened dark layer. The mechanical effect and thermal softening mainly contributed to
the formation of white layer stratification. The ground surface topography showed several scratches
and typical grooves; when grinding depth increased to 0.03 mm, the grinding surface roughness Sa
was relatively high and reached up to ~0.60 μm, mainly owing to severe plastic deformation under
grinding wheel extrusion and the thermal effect.

Keywords: gear grinding; white layer; grinding temperature; surface integrity

1. Introduction

With the fast development of the vehicle industry and the increasing demand for
transmission gears, it is important to manufacture gears with high quality and efficiency. For
heavy-duty gears, the gear blank is usually subjected to heat treatment such as carburizing,
nitriding, and quenching to meet the high hardness and toughness requirements. However,
the deformation caused by heat treatment reduces the dimensional accuracy of gears.
Grinding is normally applied as the final process in gear manufacturing to eliminate
geometric deformation generated during heat treatment and to produce components with
good geometric accuracy and surface quality [1–4]. Owing to the friction/shearing between
abrasive particles and workpiece material, the grinding temperature is relatively high.
Grinding burn occurs easily when the grinding parameters are unreasonable, which can
be defined as changes caused by heat release out of the grinding process in the surface
and subsurface layer of the workpiece [5]. Grinding burn originates from tempering and
thermal softening when the grinding temperature exceeds the tempering temperature
during grinding, and its essence is the transformation of the metallographic phase in
the surface layer [3,6]. Grinding burn is usually divided into three levels, including
predominantly dark blue oxide layers, thermal softening when the grinding temperature
exceeds the austenitizing temperature, and a white layer and dark tempered layer. Grinding
burn can induce machining defects such as microcracks on the ground surface [7].
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As grinding burn is highly related to the final quality of machined products, re-
searchers carried out an analysis on the formation mechanisms of grinding burn and how
to reduce the probability of it occurring. Guerrini et al. [1] found that, when the grinding
temperature exceeded 450 ◦C, a softened dark layer caused by carbon coming out of the
solution was observed below the gear surface, and the thickness of the tempered layer
increased with the grinding temperature. When the temperature exceeded the austenitiza-
tion temperature, a severe bright martensite layer was formed on the outermost surface. It
was found that the increase in cutting depth and feed speed led to higher level of grinding
burn [3]. Sun et al. [8] reported that a white layer structure was generated on the surface
layer after grinding hardening and its composition was analyzed, while the formation
mechanism of the white layer and its connection with grinding parameters have not been
further discussed. As the grinding depth increased, greater grinding energy was required
to remove materials [9]. This indicated that more energy was converted into heat and
significantly affected the workpiece surface. Su et al. [10] reported that the increase in
grinding depth increased the thickness of the ablated layer, while an appropriate increase
in feed speed and decrease in grinding speed could reduce the grinding temperature.
Zhou et al. [11] found that, when the abrasive particles cut or ploughed across the rail, the
grinding temperature decreased with the increasing forward speed, resulting in a small
thickness of the white layer. Jamshidi et al. [5] defined surface burn as a chemical reaction
between oxygen and workpiece material and proposed a burn model that comprehensively
considered maximum temperature and exposure time to predict oxide layer thickness.
Jermolajev et al. [12] established a time–temperature diagram showing surface layer modifi-
cation for profile gear grinding based on local contact zone temperature measurements and
used the tempering time to explain workpiece surface burn rather than contact time, as the
grinding temperature could not drop below the tempering temperature instantaneously
when the grinding wheel moved away.

Based on the comprehensive literature review, it was found that previous studies
mainly worked on the theoretical models of grinding burn during surface grinding and the
prediction of temperature thresholds for generating grinding burn. Several studies focused
on the relationship between burn formation during gear grinding and grinding parameters.
In this paper, according to the variation in grinding temperature and thickness of the abla-
tion layer under different grinding parameters, the influence of grinding speed and depth
on grinding burn was analyzed. The change in microhardness within subsurface layers, the
microstructure and morphology, as well as the surface roughness were comprehensively
investigated. The result of this study can mostly likely provide benchmarks for improving
both the quality and efficiency during gear grinding in vehicle industries.

2. Experimental Setup and Procedure

2.1. Workpiece Material

A gear made of 20Cr2Ni4A steel was selected as the workpiece in this research. It
underwent a series of heat treatments including normalizing, carburizing, quenching,
and tempering. The corresponding chemical composition is shown in Table 1. Good
toughness and high strength are required when 20Cr2Ni4A steel is used to manufacture
heavy-duty gears, and it needs to be carburized and quenched to improve the hardness
of its surface layer. The initial workpiece was cut into several segments for grinding trials
with different grinding parameters, and the size of the samples was designed to be clamped
and ground easily.

Table 1. Chemical composition of 20Cr2Ni4A steel (mass fraction, %) [13].

C Si Mn Cr Ni Fe S

0.17–0.23 0.17–0.37 0.30–0.60 1.25–1.65 3.25–3.65 ≥95.00 ≤0.03
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2.2. Experimental Setup

A three-axis automatic hydraulic high-precision grinding machine (DY-510ASM) was
used for gear grinding experimental trials, which was driven by an O05-63B0 three-phase
asynchronous motor. The maximum rotation speed of the grinder was 4000 r/min with
a rated power of 7.5 kW. An alumina forming grinding wheel with #80 abrasive mesh
and a diameter of 350 mm was used, and the grinding wheel was dressed by a diamond
wheel dresser before each set of experiments. The wheel topography was observed with a
high-definition charge-coupled device (HD CCD) microscope, as shown in Figure 1; white
corundum abrasive grains were evenly bonded to the surface and sharp cutting edges of
abrasives could be observed.

Figure 1. Topography of the grinding wheel surface observed by microscope with (a) low and
(b) high magnification.

Before grinding, the runout on both sides of the tooth surface along the feed direction
was limited within 0.001 mm by a dial indicator to ensure machining accuracy. The
gear sample was clamped by the fixture on the perpendicular direction of feed speed.
Considering the setting of gear machining parameters in industrial application, the total
grinding thickness of one side was set at 0.24 mm, the feed speed and the grinding speed
were selected with three levels, and the grinding depth for each pass was set to 0.02 mm
and 0.03 mm. The specific grinding parameters are shown in Table 2.

Table 2. Parameters set in the gear forming grinding experiment.

Feed Speed (m/s) Grinding Speed (m/s) Grinding Depth (mm) Number of Passes

0.19

26 0.02 12

30
0.02 12
0.03 8

34
0.02 12
0.03 8

0.26

26 0.02 12

30
0.02 12
0.03 8

34
0.02 12
0.03 8

0.35
26 0.02 12
30 0.02 12
34 0.02 12

2.3. Measuring Equipment

The temperature signals were captured by a GG-K-30-1000-CZ type thermocouple
produced by KAIPUSEN when the grinding wheel passed the workpiece material surface.
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For each gear sample, a narrow slot with a width of 1.0 mm was cut from the tooth tip to
the tooth root along the middle of tooth width to accommodate the thermocouple sensing
tip. As shown in Figure 2a, a thermocouple was inserted into the narrow slot on the
workpiece to measure the grinding temperature. This method was generally used to record
temperature variation with good accuracy [14,15]. The thermocouple sensing tips were
located close to the grinding surface, and the narrow slots were sealed with waterproof and
heat-resistant glue, which could prevent the cooling liquid from affecting the measurement
results. Figure 2b shows the experimental setup of grinding temperature measurement; the
gear sample selected for the grinding temperature measurement is shown in Figure 2c.

Figure 2. (a) Configuration of embedded thermocouples, (b) experimental setup of grinding temper-
ature measurement, and (c) corresponding gear sample.

The gear teeth ground by different parameters were cut using a wire electrical dis-
charge machine and embedded in resin for polishing to observe the microstructure of the
ground surface layer. A high-resolution scanning electron microscope (SEM, TESCAN
MIRA4 LMH) was used to observe the ground surface morphology. Microhardness at the
subsurface was measured using a Vickers hardness tester with a load of 1000 g and intent
time of 10 s, and each measurement was set with 100 μm depth intervals. An Atometrics-
NA500 white light interferometer was also applied to measure the surface roughness of the
ground surface.
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3. Experimental Results and Discussion

3.1. Grinding Temperature

Most of the mechanical work occurring in the grinding process is converted into
grinding heat, which increases the temperature of the gear tooth surface. If the thermal
stress caused by the grinding process exceeds the yield strength of the workpiece material,
residual tensile stress will be generated within the ground surface and it is possible to form
dominant or recessive grinding cracks in the surface layer, which severely affect the gear
strength and fatigue life [16]. In addition, as the contact arc surface of gear grinding is
complex, the grinding temperature changes with the normal grinding depth and presents
as a non-uniform form [17]. Thus, the grinding temperature is an important indicator of
the workpiece heating state during the grinding process. The highest temperature during
grinding under each set of parameters was recorded. Figure 3 shows the variation in
grinding temperature under different grinding parameters. It is obvious that a high level
of grinding parameters generally led to a relatively higher grinding temperature, with the
maximum value of ~290 ◦C.

Figure 3. Temperature variation under different grinding parameters.

Statistical ANOVA method was applied to further analyze significant factors and the
related percentage contribution ratio (PCR) for ground temperature. Figure 4 shows the
detailed information concerning the main effects plots of grinding temperature related to
different grinding parameters. Data from the ANOVA table confirmed that feed speed was
statistically significant, affecting grinding temperature with a corresponding percentage
contribution ratio of 33.7%, followed by grinding depth, with the details presented in
Table 3.

Table 3. ANOVA of grinding temperature at different parameters.

Source DOE Adj SS Adj MS F PCR

Feed speed (m/s) 2 14,512 7255.8 8.22 * 33.7%
Grinding speed (m/s) 2 2975 1487.5 1.69 3.2%
Grinding depth (mm) 1 5794 5793.6 6.56 * 13.0%

Error 7 6178 882.5 50.1%
Total 12 37,832 100%

* Significant at the 5% level, F0.05, 2, 7 = 4.74, F0.05, 1, 7 = 5.59.
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Figure 4. Main effects plot for grinding temperature at different parameters.

Generally, the increase in feed speed and grinding depth led to the increase in grinding
temperature. Firstly, at a constant grinding speed, the grinding force increased with the
increase in grinding depth and feed speed. It led to an increase in the total energy consumed
by grinding, which indicated that more energy was converted into grinding heat [2]. The
increase in grinding force also caused severe friction, which eventually led to the increase in
grinding temperature. Secondly, as shown in Figure 5a, when the grinding depth increased,
the actual cutting thickness increased, which not only enlarged the contact area between
grinding wheel and workpiece, but also hindered the heat dissipation within the grinding
area, and finally contributed to the increase in grinding temperature [18]. Figure 5b shows
the influence of different feed speeds on grinding temperature. When the feed speed
increased, the path traveled by the grinding wheel under per unit time was extended and
more heat was generated, resulting in higher heat and grinding temperature. However,
increasing the feed speed might also shorten the heat transfer time, and thus lead to a lower
grinding temperature [3,19]. According to the recorded data, this kind of effect was more
obvious when the feed speed increased to 0.35 m/s. With the same level of feed speed and
grinding depth, the grinding temperature increased when the grinding speed increased
from 30 m/s to 34 m/s, and the effect of the grinding speed was more significant when
the grinding depth was set at 0.02 mm. The grinding temperature was relatively high
when the grinding speed was selected as 34 m/s and the feed speed was 0.26 m/s. This
was mainly because of the fact that the number of cuts per unit time increased at a higher
grinding speed and, subsequently, more heat was generated [20]. The reduction in grinding
temperature when increasing the grinding speed with the depth of 0.03 mm and feed of
0.26 m/s could be attributed to two aspects. One possible reason was the dimensional
deformation of the gear blank during carburization and quenching processes, which might
lead to uneven thermal field distribution in the grinding process. The other was that, at
the depth of 0.03 mm and feed of 0.26 m/s, the scratch and ploughing effects were less
significant when the grinding speed increased to 34 m/s, resulting in a decrease in the
energy converted into grinding heat.
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Figure 5. The influence of different (a) grinding depths and (b) feed speeds on contact arc length per
unit time.

3.2. Characteristics of Grinding Burn

Figure 6 shows the morphology of the subsurface layer after grinding with different
parameters. It was found that the bright white ablation layer generally occurred within the
subsurface layer after grinding in the depth direction. The white layer was the reinforced
structure of the surface material after hardening during abrasive grinding, and it was
mainly composed of martensite, cementite, and residual austenite [8]. This phenomenon
can be explained by the following reasons. The high temperature generated during grinding
promoted the reaching of the austenitic field followed by rapid cooling, and the cooling fluid
contributed to the transformation from the austenite to martensite phase [21]. White layer
formation was fundamentally dependent on the thermal and mechanical effects of grinding
on the workpiece material. These effects were mainly caused by the interaction of grinding
tool and workpiece material and were significantly affected by grinding parameters [22].

Figure 6. Morphology of (a) the unground surface layer and (b–l) the ground surface layer at different
grinding parameters.
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With the grinding depth of 0.02 mm, feed speed of 0.19 m/s, and grinding speed of
26 m/s, a relatively thin white layer with a thickness of less than 5 μm was generated on the
ground surface. When the grinding speed increased from 26 m/s to 34 m/s, the thickness
of the white layer increased slightly. When the feed speed was 0.35 m/s and the grinding
speed was over 30 m/s, the thickness of the white layer exceeded ~50 μm. This was mainly
because of the fact that the exposure time was the same when the feed speed was constant,
while the temperature increased with a higher grinding speed, resulting in more obvious
grinding burn and a thicker white layer. The grinding burn often indicated the changes
in mechanical properties caused by microstructure transformation, which ultimately led
to the scrapping of the machined part [3]. At the grinding depth of 0.02 mm and the
same grinding speed, the variation in white layer thickness with different feed speeds was
almost consistent. Under the condition of the same grinding depth and grinding speed, the
increase in feed speed led to a higher heating rate and strain rate [23]. When the grinding
depth increased to 0.03 mm, a white layer with a thickness of ~100 μm was generated. A
higher grinding depth resulted in a great increase in grinding area and slow dissipation of
heat, which further promoted grinding burns [18].

Figure 7 shows the SEM morphology of the ground surface layer under different
grinding parameters. The effect of grinding parameters on the thickness of white layer and
plastic deformation, which were most likely related to dynamic recrystallization caused by
a high temperature and thermal stress during the grinding process [8]. This phenomenon
caused higher hardness of the surface layer, which easily caused microcracks. Coarse-
grained acicular martensite was observed at the interface between the white layer and
original workpiece material, which might be the transition zone formed by the gradual
weakening of thermal influence in this zone. The thickness of the white layer in Figure 7c
reached ~100 μm, which could be divided into three levels. The outmost layer (layer I)
was presumed to be a plastic deformation layer, and the microstructure was difficult
to observe and was probably produced by abrasive particles of high-speed cutting at
a high temperature. Layer II was composed of fine-grained martensite and possibly
carbide particles precipitated by a high temperature. Owing to thermal and mechanical
effects, the grains generated a series of dislocations and fragmentation, and finally formed
the special layer after cooling [8]. In layer III, the martensite grains became coarse and
retained austenite was observed, indicating that the quenching effect might be caused by
a high level of the grinding temperature. In fact, when the temperature was above the
austenitic transformation point and cooled rapidly, the martensitic microstructure would
be generated [24].

Figure 7. SEM morphology of the ground surface layer at the feed speed, grinding depth, and
grinding speed of (a) 0.19 m/s, 0.02 mm, and 34 m/s, respectively; (b) 0.35 m/s, 0.02 mm, and 26 m/s,
respectively; and (c) 0.19 m/s, 0.03 mm, and 34 m/s, respectively.

152



Materials 2022, 15, 7723

There were two main reasons for the generation of the white layer during grinding
quenched transmission gear; one was phase transformation caused by a high temperature
and rapid cooling and the other one was plastic deformation caused by grinding abra-
sives [22]. Figure 8 shows the schematic of the formation mechanism of layer I, layer II,
and layer III. When the temperature did not reach the austenite transformation point, the
white layer could be formed by plastic deformation [24]. In the surface layer, owing to the
strong mechanical extrusion caused by the increase in grinding depth, the material was
plastically deformed and the refined grains formed layer I. Below this layer, the plastic
deformation gradually decreased and, with the influence of grinding heat, a relatively obvi-
ous fine-grained martensite structure was generated, and it became the main composition
of layer II. When grinding heat continued to be conducted to the subsurface, the influence
of mechanical extrusion could be ignored and resulted in phase transformation during the
rapid cooling process; subsequently, part of austenite transformed to martensite, forming
layer III. The final properties of the surface layer were determined by the combination
of work hardening caused by abrasive extrusion and heat softening caused by grinding
temperature [20]. It was found that, with aggressive parameters, especially large grinding
depths, undesirable grinding burn would occur on surface layer owing to the dominance
of mechanical extrusion and thermal effects. The micro-structural transformation of surface
layer material led to the deterioration of material properties, which ultimately caused the
decrease in the surface rolling relief fatigue strength [22].

Figure 8. Schematic showing the forming mechanisms of the white layer during grinding of quenched
gear samples.

3.3. Microhardness and Surface Roughness Variation

Figure 9 shows the microhardness variation of ground surface with different grinding
parameters. Before grinding, the workpiece material had a very high carbon content
(≥0.35 wt.%) owing to the existence of the carburized layer, which resulted in the high
hardness of surface layer, and quenching treatment led to compressive stress on the surface.
The microhardness gradually decreased with the depth below surface, and finally reached
the value of base material (450 HV to 460 HV) [25]. The difference in the hardness gradient
after grinding could be easily observed through the variation in the microhardness curves.
The hardness decreased within a 200 μm thickness owing to the influence of grinding
temperature, which resulted in heat softening in this depth range [26]. The softening
effect was more pronounced with a grinding depth of 0.03 mm and grinding speed of
30 m/s and 34 m/s. This was in agreement with the theory of thermal softening during
the grinding process, as high temperatures were more likely to be generated at a higher
grinding depth and speed [27,28]. When the grinding depth was reduced to 0.02 mm, owing
to the relatively low grinding temperature, the effect of thermal softening was difficult to
observe and the work hardening could be found from the hardness gradient curve. With
a relatively low level of grinding parameters, the highest microhardness value reached
680 HV at the depth of 200 μm, which normally formed at the place in which the most
drastic plastic deformation took place because of the removal of materials under a high
grinding pressure. The occurrence of work hardening and thermal softening was related
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to the grinding parameters. According to the findings from Ding et al. [29], a competing
process between thermal softening and work hardening occurred when the workpiece
material was subjected to a high grinding temperature and large grinding pressure. In
this work, aggressive grinding parameters produced a higher grinding temperature and
the effect of thermal softening on the hardness gradient was obvious, while a low level
of grinding parameters weakened the thermal effect and contributed to grain refinement
under mechanical extrusion [30].

Figure 9. Microhardness variation within the subsurface layer when grinding quenched gear samples
with different parameters.

Figure 10 shows the ground surface profile under different grinding parameters
observed via white light interference. Grooves featured by the cutting marks of a large
number of abrasive grains were observed on the ground surface regardless of grinding
parameters. The inherent result was determined by characteristics such as the abrasion, size,
and bond type of the grinding wheel during the grinding process [20]. The corresponding
surface profile was featured with peaks and valleys, especially at higher feed speeds or
grinding depths. With the increased feed speed, the number of abrasive grains involved
in the cutting process per unit time decreased. Therefore, the depth of grooves generally
increased. With the result of a high temperature and crushing of abrasive particles, deep
grooves and chip adhesion were observed, mainly owing to the fact that residual materials
accumulated under the plowing effect during the grinding process [31].

The material accumulation and deep grooves might be attributed to the factors in-
cluding grain wear flat, the fractures of grains and bond bridges, together with workpiece
material adhesion at high grinding forces and temperatures [26]. Figure 11 shows the
topography of the ground surface with different grinding parameters. A large number of
small scratches and grooves were observed. Obvious grooves were generated when the
depth of scratches increased and the cross section of grooves was similar to the shapes of
abrasive grains [11]. A large groove depth and small radius of curvature at the bottom of
the groove could increase the coefficient of the effective stress concentration on the ground
surface and increase the risk of fatigue failure [18]. It was found that particles penetrated
the workpiece surface, which might be caused by the detachment and fracture of abrasive
grains during the extrusion process of the grinding wheel. This defect added potential
damage to the ground surface, as it not only affected surface integrity, but also probably
led to surface corrosion and microcracking.
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Figure 10. Ground surface profile under different grinding parameters (feed speed, grinding depth,
and grinding speed): (a) 0.19 m/s, 0.02 mm, and 26 m/s, respectively; (b) 0.19 m/s, 0.02 mm, and
34 m/s, respectively; (c) 0.19 m/s, 0.03 mm, and 30 m/s, respectively; (d) 0.26 m/s, 0.02 mm, and
26 m/s, respectively; and (e) 0.35 m/s, 0.02 mm, and 34 m/s, respectively.
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Figure 11. Ground surface morphology with the feed speeds, grinding depths, and grinding speeds of
(a) 0.19 m/s, 0.02 mm, and 30 m/s, respectively, and (b) 0.19 m/s, 0.03 mm, and 34 m/s, respectively.

Figure 12 shows the variation in surface roughness (Sa) values of the ground surface
with different grinding parameters. ANOVA was utilized to further analyze the significant
factors and corresponding PCR for surface roughness (Sa). Compared with the data from
ANOVA shown in Table 4, it was found that the grinding depth was statistically significant,
affecting the surface roughness. Figure 13 shows the detailed information concerning the
main effects plots of surface roughness related to different grinding parameters. When
the grinding depth was 0.02 mm, the surface roughness gradually increased with the
grinding speed and the maximum value reached 0.560 μm, which was obtained with the
feed speed of 0.26 m/s and grinding speed of 34 m/s. Generally, the increase in grinding
speed led to the decrease in surface roughness because it increased the number of abrasive
cuts in the same period, which reduced the grinding force. However, a different trend
of Sa values was observed with the grinding depth of 0.02 mm. It could be explained
that the grinding temperature increased with a higher grinding speed, and the plastic
deformation of workpiece material at higher temperature resulted in the increase in surface
roughness [32]. In addition, with the grinding depth of 0.02 mm, a higher grinding speed
produced smaller-diameter chips, and each area of the grinding wheel surface participated
in the machining process more frequently, which accelerated the clogging of grinding wheel,
resulting in increased grinding power and heat generation [33]. When the grinding depth
increased to 0.03 mm, the surface roughness was deteriorated and increased to ~0.60 μm.
Obviously, the increase in grinding depth produced a higher level of grinding force and
grinding temperature and the material was squeezed by abrasive particles and flowed
plastically to both sides, resulting in the increase in surface roughness [34]. At a grinding
depth of 0.02 mm when the feed speed increased from 0.26 m/s to 0.35 m/s, and at the
grinding depth of 0.03 mm when the feed speed increased from 0.19 m/s to 0.26 m/s, the
decrease in Sa was less than 0.034 μm. However, at the feed speed of 0.19 m/s, the increase
in Sa exceeded 0.097 μm when the grinding depth increased from 0.02 mm to 0.03 mm. The
Sa decreased slightly when it increased from 0.26 m/s to 0.35 m/s, which might be caused
by the squeezing effect; the influence on Sa was limited when compared with the effect of
grinding depth. This is also consistent with the results of ANOVA in Table 4.

Table 4. ANOVA for surface roughness (Sa).

Source DOE Adj SS Adj MS F PCR

Feed speed (m/s) 2 0.002239 0.001120 2.06 5.1%
Grinding speed (m/s) 2 0.000652 0.000326 0.60 0%
Grinding depth (mm) 1 0.012133 0.012133 22.35 * 51.0%

Error 7 0.003801 0.000543 43.9%
Total 12 0.022745 100%

* Significant at the 5% level, F0.05, 2, 7 = 4.74, F0.05, 1, 7 = 5.59.
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Figure 12. Surface roughness (Sa) variation under different grinding parameters.

Figure 13. Main effects plot for surface roughness (Sa) with different parameters.

4. Conclusions

(1) The grinding temperature increased with the grinding depth and grinding speed,
with the highest level of ~290 ◦C. The feed speed presented the most significant effect
on grinding temperature with the corresponding percentage contribution ratio of
33.7%. Both work hardening and thermal softening were observed during grinding of
quenched gear samples, and aggressive grinding parameters intensified the thermal
softening effect, resulting in a reduction in microhardness within the subsurface layer.

(2) The thickness of the white layer exceeded 100 μm when the grinding depth increased
to 0.03 mm and it could be subdivided into three different layers owing to the contri-
bution of mechanical extrusion and the thermal effect. The top layer mainly featured
plastic deformation and the second one was composed of fine-grained martensite.
Coarse-grained acicular martensite was found at the interface between the white layer
and the softened dark layer.

(3) The ground surface topography showed several scratches and typical grooves and
some particles were embedded into the ground surface, which was probably caused by
the shedding and breaking of abrasive particles. When the grinding depth increased
to 0.03 mm, the grinding surface roughness (Sa) was relatively high and reached
up to ~0.60 μm. The percentage contribution ratio of the grinding depth on surface
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roughness was higher than 50%, mainly owing to severe plastic deformation under
grinding wheel extrusion and the thermal effect.
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Abstract: A new strategy is proposed to modify the grain structure and crystallographic texture of
laser-powder bed fusion AlSi10Mg alloy using multi-pass friction stir processing (FSP). Accordingly,
1–3 passes of FSP with 100% overlap were performed. Scanning electron microscopy and electron
backscattered diffraction were used for microstructural characterization. Continuous dynamic
recrystallization and geometric dynamic recrystallization are the governing mechanisms of grain
refinement during FSP. The stir zones have bimodal grain structures containing large and fine grains.
The multi-pass FSP caused a considerable increase in the volume fraction of the large-grained area
in the stir zone, which contained higher values of low-angle boundaries and sharp shear texture
components of B

(
112

)
[110] and B

(
112

)[
110

]
. The formation of low-energy grain boundaries in the

stir zone and alignment of the low-energy crystallographic planes with the surface of the sample made
the strategy of using multi-pass FSP a promising candidate for corrosion resistance enhancement in
future studies. Moreover, the detailed evolution of the grains, texture components, grain boundaries,
and Si particles is discussed.

Keywords: AlSi10Mg alloy; friction stir processing; grain boundary; texture; dynamic recrystallization

1. Introduction

Aluminum alloys are important materials in the aerospace and automotive industries
and are appropriate candidates for production using laser-based additive manufacturing
owing to their good printability [1]. Among aluminum alloys, AlSi10Mg has attracted
significant attention owing to its high strength/weight ratio, low cost, and excellent print-
ability [2]. Currently, the AlSi10Mg alloy is produced and employed in different industrial
sectors by laser-powder bed fusion (L-PBF), which is a laser-based AM method [3]. Dur-
ing the last decade, a number of investigations have been undertaken to elucidate the
microstructure and mechanical properties of AlSi10Mg, which show the negative effect of
L-PBF on ductility and fatigue resistance [4]. Therefore, some researchers have attempted
to overcome this problem using post-treatments, including both heat and deformation
treatments [5–8].

Improving the ductility of AlSi10Mg by post-treatment has often been found in con-
junction with a decrease in strength [1]. One of the most promising methods for post-
treatment of AlSi10Mg is friction stir processing (FSP) [9]. During FSP, which was de-
veloped based on the friction stir welding (FSW) concept, the heat and severe plastic
deformation induced by a rotational tool cause microstructural changes, such as grain
refinement and the fragmentation of secondary phases [10,11]. Thus, FSP can be used to

Materials 2023, 16, 944. https://doi.org/10.3390/ma16030944 https://www.mdpi.com/journal/materials
161



Materials 2023, 16, 944

modify the microstructure and mechanical properties of metals and alloys [10]. In the case
of L-PBF AlSi10Mg, FSP causes less reduction in strength when ductility is improved [1].
For instance, Macías et al. [9] reported that FSP can increase the ductility and fatigue life
time by 448% and 200%, respectively, with only a reduction in yield strength by 34%.

In ref. [9,12–21], most microstructural studies of friction-stir-processed (FSPed) AlSi10Mg
produced by L-PBF have focused on defect elimination, the evolution of the Si structure,
and precipitation phenomena. However, fundamental information regarding the grain
structure formation during FSP and the corresponding grain boundaries and crystallo-
graphic texture components is lacking, which is necessary to be understood to control
the final properties of the processed materials [10]. On the other hand, the parameters of
FSW and FSP, such as tool geometry, pin to shoulder ratio, shoulder surface features, tool
eccentricity, tool rotational speed, tool traverse speed, number of passes, etc., influence the
microstructure and mechanical performance [11–14]. For example, Hou et al. [11] investi-
gated the role of pin eccentricity on microstructural evolution and mechanical properties
of FSWed Al-Mg-Si alloy sheets. They found that pin eccentricity had a positive effect on
promoting the material flow and grain refinement in the stir zone. The texture intensity
was increased as the pin eccentricity was introduced, and the dominant texture component
converted from C{001}〈[110]〉 (without eccentricity) to B/B{112}〈[110]〉 when eccentric
pin was used. Senthilkumar et al. [14] studied the effect of the number of passes in FSP
of AA6082 alloy. They revealed that increasing the number of passes with the specific
rotational speed, the tunnel void at stir zone could be minimized due to the recrystal-
lization mechanism. In addition, it increased the grain size with more dissolution and
re-precipitation along with intense fragmentation of second-phase particles. Therefore,
in this study, the microstructural evolution in FSPed zones in single-pass and multi-pass
AlSi10Mg was studied in detail. The grain structure formation and changes in the eutectic Si
structure and texture were characterized using scanning electron microscopy and electron
backscattered diffraction (EBSD) to reveal the governing microstructural mechanisms dur-
ing FSP. Consequently, a strategy has been proposed for grain structure formation and the
modification of crystallographic textures in L-PBF AlSi10Mg to enhance the performance
of the final products.

2. Materials and Methods

AlSi10Mg plates with dimensions of 80 mm length × 40 mm width × 2 mm thickness
were produced by the L-PBF method. Gas-atomized AlSi10Mg powders with an average
diameter smaller than 65 μm were used in this study. A Noura M100P printer with the
following process conditions was employed to fabricate the samples: powder consumption
of 80 g, layer thickness of 30 μm, energy density of 60 J/mm3, hatch space of 0.19 mm,
scan rotation of 67◦, number of slices of 260, and overall build time of 2 h. Subsequently,
three different friction stir post-processing conditions were employed on the AlSi10Mg
L-PBF plates with single, double, and multi-pass FSP passes. To achieve this, the FSP
was performed perpendicular to the building direction of the plate at a traverse speed of
85 mm/min, a rotational speed of 950 rpm, a plunge depth of 0.1 mm, and a tilt angle of
2◦ using a tool made of H13 tool steel, employing a conventional milling machine (Vertical
WMW Heckert FSS 315 V/2). It is worth noting that the plunge depth was applied once
the tool head touched the surface of the plates. The FSP tool is composed of a pin (with
a diameter of 3 mm and a length of 1.7 mm) and a shoulder with a diameter of 12 mm.
Single-, double-, and multi-pass FSP were conducted with a 100% overlap to produce
different samples denoted here as 1-pass, 2-pass, and 3-pass samples, respectively.

Metallographic samples were cut from the processed samples perpendicular to the FSP
direction and prepared using a standard metallographic procedure. The optical macrostruc-
ture of the joint was etched with a solution of 5 cc HNO3, 3 cc HCl, 2 cc HF, and 190 cc
distilled water. The EBSD analysis was performed using a scanning electron microscope
(SEM) with a step size of 0.2 μm, and all the corresponding data were processed using
TSL-OIM software with a threshold of 15◦ between low-angle grain boundaries (LABs) and
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high-angle grain boundaries (HABs). Brandon’s criterion was used for coincidence site
lattice (CSL) boundary classification in TSL-OIM software. Moreover, SEM was employed
to observe the different structures of the Si-rich phase in the L-PBF as-built and FSP-
treated states.

3. Results

3.1. Grain Structure Formation

The inverse pole figure (IPF) and image quality (IQ) maps of the as-built L-PBF
AlSi10Mg, which are treated here as the base material (BM) of the FSP, are presented in
Figure 1. The BM is composed of two types of grains: large elongated grains (black arrows
in Figure 1a) and fine equiaxed grains (white arrows in Figure 1a) within the melt pools, as
indicated by the red arrows in Figure 1b. The average grain size of BM was 16.1 μm. The
elongated grains are primarily formed parallel to the BD, which is against the heat transfer
direction during the solidification of melt pools [1]. The formation of fine equiaxed grains
occurs when MP is consumed by elongated grains, and the temperature gradient decreases
to a certain value for the nucleation of equiaxed grains [22]. From Figure 1, the BM contains
78 and 22% HABs and LABs, respectively. It is well documented that FSP destroys the
initial microstructure of BMs owing to various restoration mechanisms [10,15]. However,
in the case of L-PBF AlSi10Mg, the grain structure formation, restoration mechanisms,
grain boundaries, and texture evolution during FSP have not yet been disclosed, which is
discussed in detail in the following sections.

 

Figure 1. (a) Inverse pole figure and (b) image quality maps of as-built L-PBF AlSi10Mg. High and
low angle grain boundaries are drawn in black and white colors on all inverse pole figure maps
through paper, respectively. Black and white in (a) arrows show large-elongated and fine-equiaxed
grains. Red arrows in (b) refer to the region of the melt pool boundary.

3.1.1. Single Pass FSP

The cross-sectional macrostructure of the 1-pass sample is shown in Figure 2a, in-
dicating the presence of distinct zones including the BM, transition zone, and stir zone
(SZ). The BM was not affected by heat or deformation during FSP, exhibiting a typical
microstructure of L-PBF AlSi10Mg (Figure 1) containing overlapping melt pool boundaries.
However, the transition zone between the BM and SZ (Figure 2b), which is usually called
the thermomechanically affected zone (TMAZ), is affected during FSP. Upon reaching the
center of the SZ, the temperature, strain, and strain rate induced by the rotational tool
increased to their maximum values. Hence, microstructural evolution can be completed
in the SZ, whereas it occurs partially in the transition zone owing to inadequate heat and
deformation. As shown in Figure 2b, the SZ was divided into two regions, SZ-I and SZ-II,
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which have different dark and bright contrasts. The four blue rectangles in Figure 2b are the
different areas of the EBSD scans from TMAZ (rectangle 1) to SZ-I (rectangle 4). It is notable
that the characterization of the TMAZ can be used to reveal the microstructural evolution
during grain structure formation because it is the transition zone including incomplete
mechanisms between the BM and SZ [23,24].

 

Figure 2. (a) Cross-sectional macrostructure of the 1-pass friction stir processed sample. (b) The higher
magnification of the transition zone between BM and SZ on the advancing side and corresponding
details of the L-PBF reference frame, FSP reference frame, and tool rotation direction. The blue
rectangles indicate the different areas of EBSD scans.

The inverse pole figure map of rectangle 1 in Figure 2b is shown in Figure 3. The
higher magnified views of the three different zones in conjunction with the grain boundaries
(HABs: black color and LABs: white color) are illustrated in Figure 3b–d. There was a
gradient of strain, temperature, and strain rate from the BM to the center of the SZ during
the FSP [15], which caused the formation of different microstructural zones, as shown in
Figure 3. At low strain and temperature (Figure 3b), the grains were elongated owing to the
shear deformation induced by FSP, and the melt pool boundaries of the BM disappeared.
The presence of subgrains surrounded by LABs are confirmed by black arrows in Figure 3b.
Evidently, the grain structure formation can be started with a mechanism accelerated by
subgrains. In the zones with higher temperature and strain during FSW (Figure 3c,d), the
LABs were gradually transformed to HABs, as indicated by the blue arrows, which confirms
the occurrence of continuous dynamic recrystallization (CDRX). Upon increasing the strain
value, more dislocations were absorbed into the LABs, resulting in a gradual increase in
their misorientations. When the misorientation of the LABs is larger than 15◦ (the threshold
for identifying HABs), they transform into HABs; hence, new DRX grains are formed. In
Figure 3d, in addition to CDRX, geometric dynamic recrystallization (GDRX) was detected
in the TMAZ, as indicated by red arrows. The higher temperature and strain values in this
zone compared to those in (Figure 3b,c) caused the formation of more elongated/fibrous
grains. When the width of the elongated grains was approximately equal to the grain
size of the SZ, the serrations of the old grain boundaries touched each other, and GDRX
grains could be formed [25]. Notably, GDRX is usually categorized as a type of CDRX.
Thus, it can be concluded that at the initial stage of hot deformation in the 1-pass sample
during FSP, the grain structure formation begins with DRV, followed by CDRX through
LABs→HABs transformation and GDRX. The other point in Figure 3 is the heterogeneous
structure within the TMAZ, which indicates non-uniform plastic deformation during FSP
causing different amounts of dynamic recrystallization in different zones (Figure 3c,d).
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Figure 3. (a) Inverse pole figure maps of the rectangle 1 in Figure 2b. (b–d) Higher magnified views
of the zones 1–3 indicated in (a). Black arrows in (b) refer to the LABs. Blue arrows in (c,d) show the
continuous dynamic recrystallization mechanism occurring by transformation of LABs to HABs. The
red arrows in (d) mention the fibrous grains in which the geometrically dynamic recrystallization
(GDRX) arises.

The inverse pole figure map of rectangle 2 in Figure 2b is shown in Figure 4. The
enlarged views of zones 1 and 2 in Figure 4a in conjunction with the HABs and LABs
are illustrated in Figure 4b,c. From Figure 4, at higher levels of strain and temperature
during FSP, more DRX grains were generated within the TMAZ because the DRV and
CDRX mechanisms can occur in higher quantities compared to the areas with lower strain
and temperature (Figure 3). The inverse pole figure map of the rectangle 3 in Figure 2b are
shown in Figure 5. A further increase in strain and temperature in the TMAZ, that is, by
approaching the TMAZ and SZ-II interface in Figure 2b, the DRX was completed, as shown
in Figure 5b. As shown in Figure 5c, SZ-II contained larger grains than the TMAZ, which
is attributed to the higher temperature in this area during FSP, which encouraged grain
growth. The origin of the different regions in the SZ in the cross-sectional macrostructure
(Figure 2), that is, SZ-I and SZ-II, is shown in the inverse pole figure maps in Figure 6,
which illustrates the interface between these zones. SZ-II (Figure 6a) was composed of
larger grains than SZ-I (Figure 6b), resulting in a bimodal grain structure in the SZ. This
effect can be explained by the correlation between the thermomechanical behavior of the
material using the Zener–Holloman parameter (Z) [26]:

Z =
dε

dt
exp

(Qde f

RT

)
(1)

where dε
dt is the strain rate, Qde f is the activation energy required for the deformation,

R is the gas constant, and T is the deformation temperature. The Z value indicates the
grain size of metals and alloys that undergo plastic deformation during thermomechanical
processing. The relationship between Z value and average grain size (dRx) can be expressed
as follows [27,28]:

ZdRx
m = A (2)

where A, dRx, and m are the constant, DRX grain size, and grain-size exponent, respectively.
Equations (1) and (2) reveal that the strain rate and temperature are critical in determining
the final grain size of FSPed metals and alloys, which have opposite effect on final grain
size (dRx). From Figure 6 and considering Equations (1) and (2), the strain rate ( dε

dt ) and
temperature (T) are not the same in SZ-I and SZ-II. The finer grain size in SZ-I (Figure 6c)
is related to lower temperature and higher strain rate compared to those in SZ-II. In
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contrast, the larger grain size in SZ-II (Figure 6b) is attributed to the higher temperature
and lower the strain rate in this area. From literature [10,15], the complex material flow
during FSW/P causes the formation of distinct zones with different local deformation and
temperature values, and hence different microstructures such as onion rings. Similarly, as
mentioned before, the existence of two distinct zones (SZ-I and SZ-II) with different grain
size and sharpness can be explained by qualitative analysis using Equations (1) and (2).
Therefore, a combination of temperature and strain rate can be applied to achieve the
grain size revealed by the EBSD measurements in SZ-I and SZ-II. For this aim, combined
simulation/experimental research is needed to measure the exact values of strain, strain
rate and temperature in different zones during FSW/P, which can be a topic for future study.

3.1.2. Double and Multiple Pass FSP

The cross-sectional macrostructure of 2-pass FSPed samples is shown in Figure 7,
which indicates a similar behavior to the 1-pass FSPed sample (Figure 2). The fractions of
SZ-II and SZ-I did not change considerably after the second pass of the FSP. The EBSD scan
areas are shown by blue rectangles in Figure 7. The inverse pole figure maps corresponding
to the TMAZ are shown in Figure 8. As shown in Figure 8b,c, the second pass of FSP
caused a fully equiaxed grain structure in the TMAZ. During the second pass of the FSP,
the non-DRX parts of the TMAZ after the single-pass FSP (Figures 3 and 4) underwent
CDRX, and hence the DRX was completed in this area. When approaching the SZ-II region
in Figure 7, coarser grains appeared, as shown in the inverse pole figure maps in Figure 9.
Therefore, according to Figures 7–9, the second pass of the FSP completes the partial
restoration mechanisms during the single-pass FSP. The interfacial area between SZ-II and
SZ-I is similar to that of the 1-pass samples, and for the sake of brevity, the corresponding
inverse pole figures are not presented.

 

Figure 4. (a) Inverse pole figure maps of the TMAZ indicated by rectangle 2 in Figure 2b. Higher
magnification of zones 1 and 2 indicated in (a) are illustrated in (b,c), respectively.
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Figure 5. (a) Inverse pole figure maps of the interfacial zone between TMAZ and SZ-II regions in
1-pass sample indicated by rectangle 3 in Figure 2b. (b,c) Higher magnification of zones 1 and 2
indicated in (a), respectively.

 

Figure 6. (a) Inverse pole figure maps of the interfacial zone between SZ-II and SZ-I regions in 1-pass
sample indicated by rectangle 4 in Figure 2b. Higher magnification of zones 1 and 2 indicated in (a)
are illustrated in (b,c), respectively.
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Figure 7. Cross-sectional macrostructure of 2-pass friction stir processed sample. The blue rectangles
indicate areas 1 and 2 of EBSD scans. The details of the FSP reference frame are the same as Figure 2.
The interface between TMAZ and SZ is depicted by a red-dashed line.

Figure 8. Inverse pole figure maps of the area indicated by rectangle 1 in Figure 7. Higher magnified
views of zones 1 and 2 indicated in (a) are illustrated in (b) TMAZ and (c) interfacial area between
TMAZ and SZ-II, respectively.

The cross-sectional macrostructure of the 3-pass sample is presented in Figure 10,
indicating the presence of different microstructural zones similar to those of the 1- and 2-
pass samples (Figures 2 and 7, respectively). However, unlike the 2-pass sample (Figure 7),
the third pass of FSP resulted in a considerable increase in the volume fraction of the
SZ-II region.

The inverse pole figure maps of the interfacial area between the TMAZ and SZ-II
(indicated by rectangle 1 in Figure 10) are presented in Figure 11. From the perspective
of grain structure, the TMAZ and SZ-II in the 3-pass sample had similar characteristics
to the 2-pass sample. The existence of considerable LABs (Figure 11) confirmed that the
grains underwent deformation after their formation by DRX. The inverse pole figure map
of the interfacial area between SZ-II and SZ-I (area indicated by rectangle 2 in Figure 10)
is shown in Figure 12a. The higher magnification inverse pole figure maps of SZI and
SZ-II are shown in Figure 12b,c, respectively. From Figure 12a–c, SZ-I contained finer
grains compared to those of SZ-II, similar to those of the 1- and 2-pass samples. Similar
to the grain structure, SZ-I and SZ-II exhibit strong texture formation with a bimodal
nature. The texture components formed in different samples are discussed in detail in the
following sections.
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3.2. Evolution of Si Structure

The SEM images of BM, SZ-I, and SZ-II for different samples perpendicular to the BD
are illustrated in Figure 13 to reveal the evolution of the Si structure during the FSP. As
shown in Figure 13(a1), the melt pools were composed of three distinct zones: coarse melt
pool (Figure 13(a2)), heat-affected zone (Figure 13(a3)), and fine melt pool (Figure 13(a3)),
which is in agreement with those reported in the literature [1]. As shown in Figure 13b,c,
FSP caused fragmentation of eutectic Si cells into Si particles. In addition, by increasing the
number of FSP passes, a slight increase in Si particle size was detected. Moreover, in all
cases, SZ-II (Figure 13(b1–d1)) contained larger Si particles than SZ-I (Figure 13(b2–d2))
did. During FSP, which induces heat into the material, the Si particles coalesce or join to
the surface of the larger Si particles, resulting in the continuous growth of Si particles. The
areas indicated by the blue arrows in Figure 13(c1–c3) confirm the growth mechanism of
the Si particles. Moreover, the presence of Si particles at the grain boundaries (indicated by
the yellow arrow in Figure 3b) showed the Zener pinning effect [25], which has a negative
effect on the mobility of grain boundaries, and hence, the grain growth mechanism. The
presence of large Si particles in SZ-II, with diameters larger than 1 μm, can be a suitable
condition for the occurrence of particle stimulated nucleation [25]. For example, in the
case of the 3-pass sample, fine grains were observed around the non-indexed zones in the
inverse pole figure maps of SZ-II, as shown by the circles in Figure 11c, which can be an
indication of the particle-stimulated nucleation mechanism.

Figure 9. Inverse pole figure maps of the area indicated by rectangle 2 in Figure 7. Higher magnifica-
tion of zones 1 and 2 indicated in (a) are illustrated in (b) interfacial area between TMAZ and SZ-II
and (c) SZ-II, respectively.

 

Figure 10. Cross-sectional macrostructure of 3-pass friction stir processed sample. The blue rectangles
indicate the areas of EBSD scans. The details of the FSP reference frame are the same as Figure 2.
Interface between TMAZ and SZ is depicted by a red-dashed line.
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Figure 11. Inverse pole figure maps of the interfacial area between TMAZ and SZ-II in the 3-pass
sample indicated by rectangle 1 in Figure 10. Higher magnification of zones 1 and 2 indicated in (a)
are illustrated in (b,c), respectively. The circles in (c) refer to the non-index regions containing fine
DRX grains, i.e., particle stimulated nucleation mechanism.

 

Figure 12. Inverse pole figure maps of the interfacial area between SZ-I and SZ-II in the 3-pass sample
indicated by rectangle 2 in Figure 10). Higher magnification of zones 1 and 2 indicated in (a) are
illustrated in (b,c), respectively.
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Figure 13. (a) SEM micrographs of as-built L-PBF AlSi10Mg at different magnification. The higher
magnification of zones indicated by both blue and red rectangles in (a1) are shown in (a2,a3), respec-
tively. (b1–d1) SEM images of SZ-I and (b2–d2) SZ-II in 1–3 pass FSPed samples. The yellow arrow
in SZ-II of the 3-pass sample (d1) shows the grain boundary pinned by Si particles. Blue arrows in
images related to SZ-I refer to the coalescence of Si particles during the growth.

4. Discussion

The grain size, grain boundary characterization, and coincidence site lattice boundary
distributions in both the SZ-I and SZ-II areas in all the samples are illustrated in Figure 14a–
c. From the grain size distribution (Figure 14(a1,a2)), FSP results in the formation of a fine
grain structure with an average grain size (dav) between 2.5 and 3.7 μm. Grain refinement
is due to the occurrence of CDRX and GDRX.

 

Figure 14. (a) Grain size and (b) grain boundary characterization distribution: (a1,b1) SZ-I and
(a2,b2) SZ-II.
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Moreover, in the case of SZ-I, the second pass of FSP caused an increase in dav
from 2.6 μm to 3.1 μm (Figure 14(a1)) and an enhancement in LABs from 22% to 32%
(Figure 14(b1)), which indicated the occurrence of grain growth and formation of LABs
through DRV. However, the third pass of FSP consumed the LABs and transformed them
to HABs (Figure 14(b1)), which reduced the dav from 3.1 μm to 2.5 μm (Figure 14(a1)). In
the case of SZ-II, there was an opposite way compared to SZ-I, in which the second pass
of FSP caused a reduction in dav from 3.7 μm to 3.2 μm (Figure 14(a2)) by reducing the
amount of LABs from 26% to 20% (Figure 14(b2)). Furthermore, the third pass resulted in
an increase in the amount of LABs (34%) and dav of 3.5 μm (Figure 14(a2,b2)). From the
perspective of dav, single- pass and multi-pass FSP resulted in a bimodal grain structure
in SZ and finer grains (dav = 2.6 μm and 2.5 μm) in SZ-I and coarser grains (dav = 3.7 μm
and 3.5 μm) in SZ-II, respectively. However, in the case of the 2-pass sample, there was
no considerable difference between the dav values of SZ-I and SZ-II. However, from the
viewpoint of the Si phase, in all samples, there was a bimodal distribution of finer (SZ-I)
and coarser Si particles (SZ-II) in the SZs (Figure 13). Therefore, the different contrasts
of SZ-I and SZ-II in the cross-sectional macrostructures (Figures 2, 7 and 10) were due to
the different grain and Si particle sizes of these zones. From Figure 14b, FSP has not a
considerable effect on the amount of coincidence site lattice boundaries compared to that of
the BM. The largest change in the number of low energy coincidence site lattice boundaries,
i.e., Σ ≤ 27, belongs to the SZ-I in 3-pass sample containing 10.1% coincidence site lattice
boundaries, which indicates only a 2% enhancement. Moreover, the Σ3 boundaries have
not a considerable fraction in coincidence site lattice boundaries ranged between 0.96% and
2.54%.

The inverse pole figures parallel to the x, y, and BD directions, in conjunction with
the (001), (011), and (111) pole figures (PFs) of the BM, are illustrated in Figure 15a,b,
respectively. As shown in Figure 15a,b, a sharp texture of BD//[001] is generated because
the preferred solidification direction in face-centered cubic (FCC) metals, that is, the [001]
crystallographic direction, aligns along the heat transfer direction, which is almost parallel
to BD [22].

Figure 15. (a) Inverse pole figures parallel to x, y, and BD directions in conjunction with (b) (001),
(011), and (111) pole figures (PFs) of as-built L-PBF AlSi10Mg.

Similar to the grain structure, FSP destroys the crystallographic texture of metals
and alloys owing to severe plastic deformation induced by the rotational tool [29]. The
deformation of metals and alloys during FSP is shear nature [29]. Therefore, to analyze the
texture components of SZs, they are usually compared to those of simple shear deformation,
as summarized in Table 1 for FCC materials [10]. It should be noted that the as-acquired
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EBSD data should be rotated to adjust it to the standard reference frame of a simple
shear illustration [10].

Table 1. Ideal texture components with corresponding Euler angles and miller indices in simple shear
deformation of metals with a face centered cubic crystallographic structure [10,30].

Symbol
Euler Angles (

◦
)

Miller Indices (hkl) <uvw> (111) Pole Figure
ϕ1 Φ ϕ2

A∗
1

35.26/215.26 45 0/90
(111)

[
112

]

 

125.26 90 45

A∗
2

144.74 45 0/90
(111)

[
112

]
54.74/234.74 90 45

A 0 35.26 45
(
111

)
[110]

A 180 35.26 45
(
111

)[
110

]
B 0/120/240 54.74 45

(
112

)
[110]

B 60/180 54.74 45
(
112

)[
110

]
C

90/270 45 0/90 {001}〈110〉0/180 90 45

The rotated (001), (011), and (111) pole figures of the SZ-I and SZ-II areas in the
1–3 pass FSPed samples are illustrated in Figure 16. In the case of SZ-I, the first pass of
FSP formed the shear texture component of A∗

1(111)
[
112

]
(Figure 16(a1)), whereas the

second and third passes resulted in the formation of A∗
2(111)

[
112

]
component in addition

to the A∗
1(111)

[
112

]
component (Figure 16(b1,c1)). The formation of the A∗

1(111)
[
112

]
component might be due to more shear deformation induced by the FSP during the second
and third passes, which could activate more crystallographic slip systems. In the case
of SZ-II, A∗

1(111)
[
112

]
and B

(
112

)
[110] were the main shear texture components in the

1-pass sample (Figure 16(a2)). The second pass of FSP (Figure 16(b2)) generated trimodal
texture components in SZ-II composed of A∗

1(111)
[
112

]
, B

(
112

)
[110], and B

(
112

)[
110

]
,

indicating a reduction in the fraction of A∗
1 in the total crystallographic texture by the onset

of B component. From Figure 16(c2), interestingly, the multipass FSP caused the complete
elimination of A∗

1 by the generation of B
(
112

)
[110] and B

(
112

)[
110

]
components with a

considerable texture intensity of 12.9. It is worth noting that the formation of sharp shear
texture components in SZs (Figure 16) confirms the suggested mechanisms, as CDRX and
GDRX inherited the texture components induced by shear deformation during FSP [10].
The inverse pole figure maps of SZ-I and SZ-II after the applied rotations for texture analysis
are shown in Figure 17a,b, respectively. In SZ-II, the dense (111) planes were approximately
parallel to the surface of the sample (Figure 17b), whereas in SZ-I, the dense planes were
not aligned with the surface (Figure 17a).

The multi-pass FSP increased the fraction of SZ-II containing fine grains, coarse Si
particles, a large number of LABs, and B/B shear texture components. These findings
indicate that by controlling the number of passes during the FSP of an L-PBF AlSi10Mg
alloy, the grain structure and crystallographic texture can be modified in conjunction with
the Si structure. This strategy can be a platform for future investigations to enhance the per-
formance of L-PBF AlSi10Mg in various sectors, according to the corresponding conditions
of industrial applications. For instance, it is well documented that aluminum alloys con-
taining more low-energy grain boundaries (LABs) and coincidence site lattice boundaries
(Σ ≤ 27, especially Σ3) exhibit higher corrosion resistance [31]. Moreover, crystallographic
planes with lower surface energies, such as the (111) plane, have higher corrosion resis-
tance [32–34]. Efforts to disclose the effect of FSP on the electrochemical response, as an
important final property, of L-PBF AlSi10Mg are very limited. Rafieazad et al. [21] em-
ployed a single-pass FSP on an L-PBF AlSi10Mg alloy and studied the corrosion behavior
of the as-built and processed samples. They reported that a single-pass FSP improved
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the corrosion resistance by eliminating the porosity, grain refinement, and uniform distri-
bution of Si particles in the SZ. The grain structure and texture characteristics obtained
in this study can be used to further improve corrosion resistance, which requires further
investigation in the future. This strategy can also be applied to modify the physical and
mechanical responses of the L-PBF Al-Si10Mg alloy according to the requirements of
industrial applications.

Figure 16. Rotated (001), (011), and (111) pole figures of SZ-I and SZ-II areas in (a) 1-pass, (b) 2-pass,
and (c) 3-pass FSPed samples, respectively: (a1,b1,c1) SZ-I and (a2,b2,c2) SZ-II. The texture intensity
values are written at the right-hand side of PFs.
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Figure 17. Inverse pole figure maps of SZ-I (a) and SZ-II (b) after applied rotations for texture analysis.
The drawn cubes refer to the orientation of unit cells in individual grains.

5. Conclusions

Single-, double-, and multi-pass FSPs were used to modify the microstructure and
texture of the L-PBF AlSi10Mg alloy. The following conclusions can be drawn:

(1) During the first pass of FSP, dynamic recovery, continuous dynamic recrystallization
and geometric dynamic recrystallization caused the formation of a fine grain structure
in the SZ with an average grain size of 2.6–3.7 μm. The bimodal grain structure results
from the formation of two distinct zones: SZ-I with a fine grain size and SZ-II with a
coarse grain size in the SZ.

(2) The second pass of FSP completed the recrystallization in the TMAZ. However, in
the case of SZ, it causes the rotation of grains, which generates more shear texture
components in SZ-I and SZ-II compared with single-pass FSP.

(3) The third pass of FSP increased the volume fraction of SZ-II, which possessed unique
characteristics of higher values of LABs. During the third pass, more rotation of
DRX grains in SZ occurred, which resulted in the generation of B

(
112

)
[110] and

B
(
112

)[
110

]
components with a considerable texture intensity of 12.9 in SZ-II. The

produced texture components in SZ-II aligned the crystallographic planes with lower
surface energy, such as {111} planes parallel to the surface of samples.

(4) In addition, in all cases, the Si morphology changed from cell to particle structure in
SZs. Similar to grain size distribution, the SZ-II contained larger Si particles compared
to the SZ-I.

(5) The outcome of this study can be used for the modification of the microstructure
(grain size, grain boundaries, and texture) of L-PBF AlSi10Mg alloy in a manner that,
by controlling the number of passes during FSP, the desired microstructural features
can be obtained for potential applications.
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Abstract: Chloride ions contained in the sealing compound currently used in the electronic packaging
industry not only interact with intermetallic compounds but also have a serious impact on silver alloy
wires. A 15 μm ultrafine quaternary silver-palladium-gold-platinum alloy wire was used in this study.
The wire and its bonding were immersed in a 60 ◦C saturated sodium chloride solution (chlorination
experiment), and the strength and elongation before and after chlorination were measured. Finally, the
fracture surface and cross-section characteristics were observed using a scanning electron microscope
and focused ion microscope. The results revealed that chloride ions invade the wire along the grain
boundary, and chlorides have been generated inside the cracks to weaken the strength and elongation
of the wire. In addition, chloride ions invade the interface of the wire bonding to erode the aluminum
substrate after immersing it for enough long time, causing galvanic corrosion, which in turn causes
the bonding joint to separate from the aluminum substrate.

Keywords: silver wire; wire bonding; chloride ions; ion migration; galvanic corrosion

1. Introduction

Wire bonding is the most widely used technology in the electronic packaging indus-
try [1–3]. Previously, gold wire was the most commonly used material in wire bonding,
but with the high price of gold, many alternative materials have been proposed [4–6]. Cur-
rently, the alternative materials with the most potential are copper-based and silver-based
wires [7–10]. The most attention has been paid to palladium-coated copper wire [11,12].
Pure copper wires easily oxidize and corrode, causing reliability concerns. This short-
coming has been overcome by modifying the surface of the palladium coating. Silver-
based wires are mainly used in the form of silver alloy [13,14] and gold-coated silver
wires [15,16]. According to research [11,17,18], adding palladium to silver-based wires
results in a palladium-rich single-phase layer at the bonding interface, which can inhibit
the formation of intermetallic compounds (IMCs). In addition, adding gold and palladium
simultaneously helps improve the electromigration effect and increases the life cycle of
silver-based wires.

This study used the newly developed quaternary silver-palladium-gold-platinum
alloy (coded APAP) wire. The solid solution of the platinum element can further improve
the efficiency of wire drawing [19,20], resulting in a wire diameter as low as 15 μm. This is
the finest wire diameter in the microelectronic packaging industry at present [21]. A fine
wire diameter has the advantages of a higher pin count and lower feeding costs. This is a
new-generation material with great potential.

Currently, the sealant used in the microelectronic packaging industry contains chloride
ions [22,23]; thus, the wire is prone to reliability problems in relation to electrical and
mechanical properties and disconnection. Studies [24,25] have also noted that after the
copper-based wire and aluminum substrate have been welded, IMCs are susceptible to
corrosion caused by chloride ions and decomposition, leading to bonding peeling, which
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greatly reduces reliability. Few studies have investigated the effect of chloride ions on alloy
wires [1,23], and investigations into the influence of chloride ions on a silver-based wire
are lacking.

The chlorination of silver-based wires has rarely been studied, and the development
of related test methods and mechanisms remains insufficient. Therefore, a newly devel-
oped quaternary Ag-2.5 Pd-1.5 Au-0.15 Pt (wt.%) alloy wire was used in this study, as
well as an independently developed chlorination test method to analyze and clarify the
chlorination mechanism. The results can be used as a reference for the microelectronic
packaging industry.

2. Experimental Procedures

A 15 μm diameter APAP wire from the wire drawing process was the research material
in this study (general silver wire diameter of 20 μm). After the wire was soaked in a
saturated sodium chloride solution (concentration of chloride ions: 16.5 wt.%) at 60 ◦C for
4 h, it was washed with deionized water and dried. The wire surfaces were observed under
a scanning electron microscope (SEM; HITACHI SU-5000, HITACHI, Tokyo, Japan). A
micro-tensile tester was used to investigate the changes in the tensile mechanical properties
of the silver alloy wire during immersion in the saturated sodium chloride solution at
different times. The initial strain rate and gauge length were 5 × 10−3 s−1 and 50 mm,
respectively. The tensile data were the average of five tests.

The tensile fracture and cross-section surface were observed, and the profile was
analyzed using a dual-beam focus ion beam (FIB; FEI Nova 200, FEI, Hillsboro, OR, USA),
and energy dispersive spectroscopy (EDS) was employed to analyze the inside of the cracks
to clarify the chlorine embrittlement fracture mechanism of the wire. Finally, a chlorination
experiment was conducted on the first and second bonds of the APAP wire on the aluminum
substrate (the downforce of the first and second bonds was 20 and 60 gf, respectively).
The chlorination holding time was 10 min and 30 min, and the temperature was 60 °C.
Subsequently, the chlorination condition of the fracture and the bonding positions were
observed through the micro-tensile test, FIB, and EDS element analysis.

3. Results and Discussion

3.1. Fracture Effect of Chloride Ions: APAP Wire

Figure 1 presents the change in the tensile strength (UTS) and elongation of the APAP
wires immersed in the saturated sodium chloride solution for 10 s, 10 min, 1 h, 2 h, 4 h, and
8 h. According to the results, no significant difference in the strength and elongation of the
wire within 1 h of immersion was detected, but as the immersion time increased to more
than 2 h, a significant decrease in strength and elongation was observed, indicating that the
corrosion caused by chloride ions has a considerable influence on the reliability of the wire.
After being immersed for 8 h, the wire broke when tensile, indicating that the APAP wire
cannot be used in a chlorinated environment for long periods.

The tensile fracture surface of the APAP wire before and after chlorination was ob-
served using an SEM (Figure 2). According to the literature [1], the fracture morphology
of general metal wires is conical (the fracture mode is dominated by ductility). The APAP
wire exhibited ductile failure characteristics before chlorination and after chlorination for
2 h. After chlorination for 4 h, the failure characteristics changed from ductile to brittle.
After immersion in the saturated sodium chloride solution for 4 h, numerous fine cracks
were distributed on the surface of the wire (Figure 3b,c), which was different from the wire
before immersion in the saturated sodium chloride solution (Figure 3a,b). When the wire
was subjected to tensile stress, these small cracks gradually connected to form large cracks,
which eventually led to brittle fractures.
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Figure 1. Changes in tensile strength and elongation of the APAP wires after immersion in saturated
sodium chloride solution. (The tensile data were the average of five tests).

To clarify the chlorination mechanism of the APAP wire, FIB scanning and profile
analysis were performed on the fracture surface after chlorination for 4 h (Figure 4).
Figure 4a presents the surface features 100 μM from the fractured surface. In addition to a
large number of cracks on the surface of the wire, most cracks are located at the boundary
of different color blocks. This indicates that the location of the cracks is at the grain bound-
ary. Figure 4b presents the FIB profile analysis, and the microstructure was similar to our
previous coated silver wire study [26]. The results demonstrate that the cracks penetrate
deep into the wire along the grain boundary, and the longest crack is approximately 5 μm.
Figure 5 presents the EDS element analysis results inside the cracks, revealing that chlorides
have been generated inside the cracks. This demonstrates that chloride ions penetrate the
wire through the grain boundary to form chlorides, causing the grain boundary to weaken.

During the tensile test, the core not affected by chloride ions remained connected after
the surface was broken and continued to deform. The cracks gradually widened from the
inside to the outside, gradually penetrating the wire because of stress concentration. Finally,
a brittle intergranular fracture occurred. The brittle fracture mechanism of the silver alloy
wire is illustrated in Figure 6. The chlorine embrittlement phenomenon that occurs in silver
alloy wires is caused by foreign chlorine ions that gradually erode the inside of the wire
along the grain boundary or defects. Subsequently, a brittle fracture occurs when the wire
is subjected to strain. The weakening of the grain boundary causes decreases in the tensile
strength and elongation.
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Figure 2. Tensile fracture surface of the APAP wire at different chlorination times: (a) before chlorina-
tion, (b) 2 h, and (c) 4 h.

As the wire diameter gradually shrank, subtler phenomena, such as electromigration
and chloride ion diffusion, became more evident. Another study [27] revealed that the
silver-based wire exhibits a weakened grain boundary and intergranular fracture caused by
electromigration during the electrification process. This is because the wires used today are
mostly narrower than 20 μm in diameter; thus, even small changes cause major changes to
the wire. For example, the longest crack in this study was 5 μm, and the unaffected wire
diameter at the center was only 5 μm, too. This highlights the influence of the chlorine
embrittlement phenomenon.
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Figure 3. Surface morphology of the APAP wire: (a) macroscopic image before chlorination, (b) local
magnified image before chlorination, (c) macroscopic image after chlorination for 4 h, and (d) local
magnified image after chlorination for 4 h.

Figure 4. Tensile fracture cross-section of the APAP wire after 4 h of chlorination: (a) focus ion beam
(FIB) surface scanning, and (b) cross-section image.
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Figure 5. Energy dispersive spectroscopy (EDS) element analysis results of the crack.

Figure 6. Intergranular brittleness fracture mechanism.

3.2. Fracture Effect of Chloride Ions: APAP Wire Bondingm

Figure 7 presents the tensile fracture position of the first bond of the APAP wire
immersed in a saturated sodium chloride solution at 60 ◦C for 10 and 30 min. After 10
min of chlorination, the first bond fracture position occurred in the heat-affected zone
(Figure 7a), indicating that it retained some strength under these conditions. However, as
the chlorination time increased to 30 min, the first bond joint separated from the aluminum
substrate, and some traces remained on the substrate (Figure 7b). This suggests that after a
long period of chlorination, chloride ions corrode the joint surface of the first bond, possibly
causing the bond joint to separate and reducing reliability. Figure 8 presents the EDS
analysis results of the fracture surface after 30 min of chlorination of the first bond joint of
the APAP wire. The aluminum film on the substrate has been eroded by chloride ions and
has peeled off. Points A and B in the figure denote the residual aluminum film, and point
C is the exposed silicon substrate after the aluminum film has peeled off.
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Figure 7. Fracture position of the first bond of the APAP wire after chlorination: (a) 10 min and (b) 30 min.

 
Figure 8. EDS analysis of the fracture surface of the first bond of the APAP wire after 30 min of
chlorination. (A, B: residual aluminum film; C: silicon substrate).

The FIB cross-section and EDS element analysis results of the first bond of the APAP
wire after chlorination for 30 min are presented in Figure 9. A clear bond boundary can
be identified at the center of the bond. At the periphery of the bond (point C), the silver
ball and aluminum film have peeled off, reducing the bond strength. The EDS element
analysis reveals a very small chlorine signal at the center of the bond (point A) and a
larger chlorine signal at the periphery of the bond (point B). This finding indicated that
chlorine ions corroded the aluminum film from the outside to the inside of the bond. As the
chlorination time increased, the aluminum film at the bond junction was gradually eroded
and hollowed out. Finally, the first bond joint was peeled off and failed (Figure 10).

Figure 11 presents the surface morphology of the second bond of the APAP wire after
30 min of chlorination, with no bond joint peeling. Figure 12 presents the FIB cross-section
analysis results, which reveal that the second bond is well joined; only the aluminum film
at the end of the fishtail joint is eroded and hollowed out at approximately 1.5 μm The
downforce of the second bond is usually greater than that of the first bond, maintaining a
tighter second bond. Therefore, the joint surface of the second bond has greater reliability.
A schematic of the chlorination process is presented in Figure 13.
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Figure 9. FIB cross-section and EDS element analysis results of the first bond of the APAP wire after
30 min of chlorination.

Figure 10. Schematic of the joint of the first bond after chlorination: (a) chloride ions corrode the
aluminum film; (b) the joint of the first bond peels off.
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Figure 11. Surface morphology of the second bond of the APAP wire after 30 min of chlorination.

Figure 12. FIB cross-section of the second bond of the APAP wire after 30 min of chlorination.
(A) Smooth interface; (B) aluminum film at the edge is eroded and hollowed out.

This study has three strengths (Figure 14). First, a quaternary alloy APAP wire was
used to replace the common coated wire to reduce the galvanic corrosion caused by the
multilayered metal when the wire is bonded to the substrate [28]. Furthermore, the diameter
of the quaternary alloy APAP in this study was 15 μm, which is thinner than the silver wire
with a diameter of 18–20 μm currently available in the market, reducing the use of precious
metals and increasing the packaging density. Finally, we investigated the wire's corrosion
fracture in a halogen environment to establish application reference data in depth. The
results indicate that the sealant used in the microelectronics packaging industry should
contain few chloride ions in the future.
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Figure 13. Schematic of the joint of the second bond after chlorination: (a) chloride ions corrode the
aluminum film; (b) partial cracks produced at the joint of the second bond.

Figure 14. Summary of the study results.
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4. Conclusions

1. When the APAP wire is immersed in a saturated sodium chloride solution for a long
time, chloride ions diffuse into the wire through the grain boundary causing the
intergranular fracture to greatly reduce the mechanical properties of the wire;

2. Chloride ions erode the aluminum substrate, causing the aluminum film to become
eroded and hollowed out on the joint surfaces of the first and second bonds;

3. With the lower downforce of the first bond, the joint surface is not tight and separates
from the Al substrate after 30 min of chlorination. The second bond still combines
with the Al substrate at this time.
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Abstract: Grain refinement has been found to be an effective method for simultaneously enhancing
strength and toughness. To avoid the sharp coarsening of grains in Cu-Ni-Sn alloys during solution
treatment and thereby overcoming the tradeoff between strength and ductility, this work attempted
to modify the composition and improve the thermal stability of the fine-grained structure in Cu-
Ni-Sn alloys. The grain growth behavior during a solution treatment of the Cu-15Ni-8Sn alloys
with/without Si and Ti additions was systematically investigated. The result reveals that compared
to the grain size of 146 μm in the based alloy (without trace additions) after solution processing at
1073 K for 2 h, the fine-grained structure with a size below 20 μm is maintained owing to the benefit
from Si and Ti addition. It was observed that the addition of Si and Ti offer the inhibition effect on
the dissolution of the γ phase and Ni16Si7Ti6 particles after solution treatment. The grain boundary
movement is severely hindered by these two aspects: the pinning effect from these particles, and the
drag effect induced by additional solute atoms. Based on the analysis of grain growth kinetics, the
activation energy of grain growth is increased from 156 kJ/mol to 353 kJ/mol with the addition of Si
and Ti.

Keywords: Cu-15Ni-8Sn alloys; grain size; solution treatment; microalloying; microstructural
evolution

1. Introduction

Cu-15Ni-8Sn alloys possess excellent mechanical properties and excellent stress relax-
ation resistance, as well as excellent wear resistance and corrosion resistance, being consid-
ered as promising beryllium–copper substitute materials [1,2]. These high-performance
copper alloys have great potential applications in the electronic and electrical industries,
and simultaneously show wide prospects for major equipment involving aircraft land-
ing gear, heavy loaded vehicles, and marine engineering equipment [3–5]. However, the
trade-off between strength and ductility of the alloys is still the critical problem for meeting
the increasing performance demands of key components in aerospace, mechanical sys-
tems, and the oil and gas industries. For example, after the commonly used pre-cooling
deformation–aging treatment of the alloy, its strength can reach up to 1400 MPa, but its
elongation rate is only ~1% [6]. One essential approach is to improve the plasticity of the
alloy while maintaining its strength.

Grain refinement is commonly deemed an effective method to improve plasticity in
polycrystalline metallic materials. Our previous research obtained the fine-grain structure
in the Cu-15Ni-8Sn alloy via the hot extrusion process, effectively improving the elongation
of the as-extruded alloy to more than 30% [7–9]. On the other hand, the Spinodal decom-
position and ordering strengthening could not completely occur in the as-extruded alloy
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due to the absence of the subsequent solution and aging treatments, so it failed to reap
the full performance advantages of the Cu-15Ni-8Sn alloy [10]. High temperature solution
treatments are able to promote the formation of supersaturated solid solutions, providing a
chemical driving force for Spinodal decomposition and ordering transformation [11,12],
but they often lead to uncontrollable grain coarsening, encroaching on the superior ductility
induced by the fine-grain structure via the hot extrusion process. A large number of studies
have shown that the addition of trace elements can result in the development of the drag
effect on solid solution atoms and the pinning effects on the insoluble second phase, which
shows an important role of the suppression of grain boundary migration during solution
treatment [13–16]. At present, a thorough investigation of the effect of trace elements on the
grain growth kinetics and the thermal stability of grains is lacking and is critical to seek a
way to realize the synergy of superior strength and high ductility of the Cu-15Ni-8Sn alloy.

In our previous research, the Cu-15Ni-8Sn-0.3Si-0.1Ti alloy was found to be of the
optimal composition, as it showed a fine-grained structure even after solution treatment
and thereby gained excellent comprehensive mechanical properties [7,8,17]. Accordingly,
in the present work, a comprehensive comparison of the grain growth behavior between
the Cu-15Ni-8Sn alloy with and without Si and Ti addition has been studied in order to
uncover the effect of trace elements (for instance Si and Ti) in the thermal stability of the
fine-grained structure during solution treatment. The microstructural features of the based
and modified alloys during solution treatment, involving grain morphology and the size
and distribution of secondary phase, were investigated in detail. The influences of trace
additions on the thermal stability of grains were discussed from the perspective of the
drag effect on solute atoms and the pinning effect on secondary particles. The information
gained on grain growth behavior would help to maintain the grain refinement and further
lay a foundation for the high ductility of the Cu-15Ni-8Sn alloy.

2. Materials and Methods

The Cu-15Ni-8Sn-based alloy and Cu-15Ni-8Sn-0.3Si-0.1Ti modified alloy were pre-
pared by an intermediate frequency induction furnace. The actual chemical compositions
of the as-cast materials determined by optical emission spectroscopy (OES) are listed in
Table 1. The cast ingots were homogenization-treated at 1113 K for 8 h and subsequently
hot-extruded to a rod with a diameter of 12 mm at 1223 K. The extruded rods were cut and
annealed at 1073 K, 1093 K, and 1113K for 0.5 to 2 h, followed by quenching in water.

Table 1. Chemical compositions of the as-cast alloys (wt.%).

Alloy Designation Ni Sn Si Ti Cu

Cu-15Ni-8Sn (based alloy) 15.03 8.12 - - bal.
Cu-15Ni-8Sn-0.3Si-0.1Ti (modified alloy) 15.23 7.92 0.29 0.09 bal.

The microstructure of the annealed samples was characterized by optical microscopy
(OM), scanning electronic microscopy (SEM) equipped with energy dispersive X-ray spec-
troscopy (EDS), and transmission electron microscopy (TEM). The mean grain size was
obtained from at least 10 random fields of each specimen by the linear intercept method
based on the observation with a LEICA/DMI 5000 M optical microscope. The specimens
for OM and SEM observations were prepared by polishing and then etching in a solution of
5 g FeCl3 + 10 mL HCl + 100 mL H2O. The TEM observation was carried on a FEI TECNAI
G2 S-TWIN F20 transmission electron microscope. TEM samples were prepared via the
twin jet electro-polishing method in 30% nitric acid and 70% methanol held at 248 K. The
hardness measurement was performed on a Vickers microhardness tester using a load of
100 gf and a dwelling time of 10 s. The average values of at least 5 measurements were
used to establish the hardness data. The thermal stability of the fine-grained structure in
the alloys was assessed through the above microstructural observations.
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3. Results

Figure 1 shows the optical images of as-extruded Cu-15Ni-8Sn-0.3Si-0.1Ti and Cu-
15Ni-8Sn alloys before the solution treatment. The average grain size of the alloy with
additions of Si and Ti (12.4 μm) is slightly smaller than that of the based alloy (15.4 μm)
owing to the formation of fine second phase particles [17].

 

Figure 1. Representative OM images of as-extruded Cu-15Ni-8Sn-0.3Si-0.1Ti (a) and Cu-15Ni-8Sn
(b) alloys.

Figure 2 demonstrates a series of representative OM micrographs of Cu-15Ni-8Sn
and Cu-15Ni-8Sn-0.3Si-0.1Ti alloys annealed at 1073 K to 1113 K for different time periods.
The relevant average grain sizes are shown in Figure 3. It is evident that the grain size
is increased with the increment increase in solution temperature and time, and a more
rapid grain growth is induced at a higher temperature. Compared with the excessive grain
growth in the Cu-15Ni-8Sn alloy, the velocity of grain growth in the modified alloy is much
slower. Even after it was in the solution at 1113 K for 2 h, the increment in grain size in
the modified alloy is only about 6 μm (from 12.4 μm to 18.6 μm), while it is measured as
130.7 μm in the based alloy (from 15.4 μm to 146.1 μm).

 

Figure 2. Representative optical images of the microstructure of the studied materials after annealing
in different conditions: (a,c,e) Cu-15Ni-8Sn-0.3Si-0.1Ti; (b,d,f) Cu-15Ni-8Sn.
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Figure 3. Average grain sizes of the Cu-15Ni-8Sn-0.3Si-0.1Ti (a) and Cu-15Ni-8Sn (b) alloys after
different solution processes.

It can be found from Figure 2a,c,e that the amount of second phase particles in the
modified alloy is decreased with the prolongation of the solution time, and the dissolution
rate of the second phase becomes faster with a higher solution temperature. After being in
the solution at 1113 K for 2 h, only a few large-sized particles survive at the grain boundaries
(Figure 2e). This positive relationship between the dissolution degree of the second phase
particles and the grain growth rate in the modified alloy indicates that the existence of the
second phase may be responsible for restraining the grain growth in the alloy.

For a quantitative comparison of the tendency of grain growth during annealing for
2 h, the grain growth factor (Gf), defined as (df − d0)/d0 [18] (where df and d0 are the final
and the initial grain sizes, respectively) is calculated and listed in Table 2. The value of Gf of
the based alloy is about 20 times bigger than that of the modified alloy, indicating a distinct
suppression of the grain growth in the modified alloy due to the addition of Si and Ti.

Table 2. Grain growth factor (Gf), grain grow exponent (n), and activation energy (Q) for the studied
alloys with a solution process of 2 h.

Alloy T (K) Gf n Q (kJ/mol)

Cu-15Ni-8Sn
1073 6.70

3 1561093 7.76
1113 8.46

Cu-15Ni-8Sn-0.3Si-0.1Ti
1073 0.30

10 3531093 0.36
1113 0.50

In order to study the changes in the morphology and distribution of the second
phase in the alloy with additions of Si and Ti under different solution conditions, further
microstructural observation was conducted for the alloy in a 1093 K solution at different
times. Figure 4 shows the microstructure of the based and modified alloys annealed at
1093 K for 1 h. According to the results of the selected area diffraction pattern (SADP),
the precipitate phase is confirmed as a Ni16Si7Ti6 intermetallic compound with a size of
~200 nm [7] (Figure 4a). The rod-like γ phase with a DO3 structure was also confirmed by
SADP analysis, which is consistent with J.C. Zhao’s results [11]. Meanwhile, no precipitates
were observed in the based alloy after solution treatment, implying the improvement in
thermal stability by the addition of Si and Ti.

Figure 5 shows the SEM images and energy dispersive surface scanning results of the
0.3Si-0.1Ti alloy after solution processing at 1093 K for 5 min. There are a large number of
second phases formed with the grains and at grain boundaries. According to the results
of the EDS analysis shown in Table 3, these particles are defined as Ni16Si7Ti6 and γ

phases. Figure 5b shows the rod-like Ni16Si7Ti6 particles (~2.8 μm) distributed at the grain
boundaries. It can be seen from the high magnification SEM image (Figure 5c) that small
needle-like particles are distributed along the grain boundaries (as marked by the green
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dotted line), whose average major axis, minor axis, and aspect ratio are about 617 nm,
225 nm, and 2.8, respectively.

 
Figure 4. TEM images revealing the microstructures of Cu-15Ni-8Sn-0.3Si-0.1Ti (a) and Cu-15Ni-8Sn
alloys (b,c) after annealing at 1093 K for 1 h. The inserts reveal the selected area diffraction patterns
(SADP) of related particles.

 
Figure 5. SEM micrographs of the Cu-15Ni-8Sn-0.3Si-0.1Ti alloy after annealing at 1093 K for 5 min.
(a) Grain morphology in the alloy; (b) the EDS-mapping result corresponding to the yellow rectangle
in (a); (c) enlarged view of the green domain in (a), small needle-like particles distributed along the
grain boundaries are marked by the green dotted line.

Table 3. EDS results of corresponding positions in Figure 5 (wt.%).

Positions Phases Cu Ni Sn Si Ti

A Ni16Si7Ti6 33.29 41.02 6.78 8.44 10.47
B γ 74.7 17.07 9.62 0.35 -
C γ 37.74 30.63 29.81 1.82 -

Figure 6 indicates the microstructural features of the modified alloy after solution
processing at 1093 K for 1 h. A large amount of the Ni16Si7Ti6 and γ phases can still be
observed in the alloy. Figure 6b shows micron particles are distributed around the grains,
which implies the inhibiting effect of grain growth induced by these insoluble particles.
The amount of fine needle-like second phase which survived after solution processing for
5 min is significantly reduced, while there are still densely distributed micron particles
with an average size of 1.2 μm (Figure 6c).
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Figure 6. SEM micrographs of the Cu-15Ni-8Sn-0.3Si-0.1Ti alloy after annealing at 1093 K for 1 h.
(a) Grain morphology in the alloy; (b) the EDS-mapping result corresponding to the yellow rectangle
in (a); (c) higher magnification image of the green domain in (a), intergranular micron particles are
highlighted by the green dotted line.

Figure 7 shows the SEM image of the modified alloy after solution processing at
1093 K for 2 h. The fine-grained structure is still retained in the alloy despite solid solution
processing for 2 h (Figure 7a). The amount of intragranular second phase is markedly
reduced, while relatively more particles are distributed at grain boundaries (Figure 7b).
According to the results of the EDS analysis shown in Table 4, these intergranular particles
are of the Ni16Si7Ti6 and γ phases, indicating that these second phases have good thermal
stability, and show indissolubility in the solution process at 1093 K.

 
Figure 7. SEM micrographs of the Cu-15Ni-8Sn-0.3Si-0.1Ti alloy after annealing at 1093 K for 2 h.
Intergranular micron particles are highlighted by the yellow dotted line.

Table 4. EDS results of corresponding positions in Figure 7 (wt.%).

Positions Phases Cu Ni Sn Si Ti

A γ 36.34 32.2 29.54 1.92 -
B Ni16Si7Ti6 49.87 31.31 4.38 7.27 7.16

According to the TTT diagram summarized by J.C. Zhao and M.R. Notis [11], the Cu-
15Ni-8Sn alloy was located in the so-called α single phase area with a temperature above
1073 K. As a result, the γ phase would be dissolved completely in this temperature window,
which is consistent with the microstructure of the based alloy after solution processing at
1093 K for 1 h (Figure 4a). On the contrary, the existence of the γ phase in the modified
alloy after solution indicates that the γ phase shows a higher thermal stability due to the
addition of Si and Ti.
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4. Discussion

4.1. Kinetics of Grain Growth of the Alloys with and without Additions

The kinetics of grain growth can be deduced by analyzing the grain size as a function
of time, which is depicted as the well-known parabolic kinetic model [19]:

dn − dn
0 = kt (1)

where d is the instantaneous grain size, d0 is the initial grain size that can be considered
as the grain size of as-extruded alloys, t is the solution holding time, n is a grain growth
exponent, and k is a kinetic constant, which depends primarily on the temperature and
grain boundary energy. As shown in Figure 8a,b, the value 1/n can be calculated as the
slope of linear fitting plots of lnd-lnt. The results of the based and modified alloys are
10 and 3, respectively. The relationship between the grain size and solution time can be
obtained by introducing the n value into Equation (1), which is shown in Figure 8c,d. The
constant k has an Arrhenius form as [12,13]:

k = k0 exp(−Q/RT) (2)

in which k0 is the pre-exponential constant and Q is the grain growth activation energy.
R is the gas constant and T is the absolute temperature. The k values of these two alloys
at different solution temperatures can be obtained from Figure 8c,d. By plotting semi-
logarithmic plots of ln(k) versus 1/T, as demonstrated in Figure 8e, the value of the grain
growth activation energy (Q) in the based and modified alloys can be measured from
the slope of the plotted curves, which is 156 kJ/mol and 353 kJ/mol, respectively. More
than twice the activation energy is required in the modified alloy to trigger grain growth,
indicating that the higher thermal stability of the fine-grained structure is induced by the
addition of Si and Ti.

 

Figure 8. The grain growth kinetics analysis of the studied alloys during annealing treatment.
(a,b) Linear fitted plots of lnd-lnt; (c,d) curve fit plots of Equation (1) used to estimate grain growth
exponents; (e) grain growth exponents as a function of the reciprocal of absolute temperature used to
calculate the grain growth activation energy.

Burke and Turnbull found that if the driving force of grain growth in pure metals
under ideal conditions is mainly from the grain boundary curvature, the grain growth
exponent (n) in Equation (1) is equal to 2 [20]. Fan and Chen found that when the grain
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growth is determined by the long-range atomic diffusion in the two-phase solid solution,
the grain growth exponent (n) in Equation (1) is equal to 3 [21]. In the study of multi-
component alloys, such as magnesium-based alloys, nickel-based alloys, iron-based alloys,
and high-entropy alloys, the n value is approximately 3 [12,13], which is consistent with
the n value of Cu-15Ni-8Sn. However, the higher value of the grain growth exponent (n)
indicates that the grain growth dynamics in the alloy are also affected by other factors,
which are often related to the solid solution atoms, the second phase, texture, etc. In this
study, the role of trace elements in the modified alloy in increasing the value of n mainly
involves the drag effect of solid solution atoms and the pinning effects of the second phase.

4.2. Effects of the Additions of Trace Elements on the Grain Growth

In order to explain the effects of the addition of Si and Ti, the grain boundary migration
rate (Vgb) was introduced which is related to the diffusion ability of the solute and the
interaction between the grain boundary and solute atoms. It is assumed that the interaction
energy between the grain boundary and one solute atom is E(x), and the diffusion coefficient
of the solute atom perpendicular to the grain boundary is D(x). Both E(x) and D(x) are the
functions of the distance x from the center of the grain boundary. When Vgb is low, the
atomic drag (α) can be expressed as [12]:

α = 4NvkT
∫ sinh2(E(x)/2kT)

D(x)
dx (3)

where Nv is the number of solute atoms per unit volume, k is the Boltzmann constant, and
T is the absolute temperature. According to Equation (3), the solute drag effect (α) shows
an inversely proportional relationship to the diffusivity of solute atoms, as α ∝ 1/D(x).
Thus, Vgb can be expressed as:

Vgb =
P

λ + αC0
(4)

where P is the driving force of grain growth, C0 is the concentration of solute in the alloy,
and λ is a constant. Generally, C0 is considered as a constant in the same alloy. As a result,
Vgb is inversely proportional to α, equivalently there is a proportional relationship between
Vgb and D(x), indicating that the lower the diffusion ability of the solute atoms is, the
stronger the drag effect is. The diffusion coefficients of each solute atom in pure copper
are used for analysis (as shown in Table 5) [22]. Compared with the diffusion ability of
Sn, the diffusion coefficients of Si and Ti in pure copper are much lower, enhancing the
drag effect of solute atoms on grain boundaries. Based on microstructural observation, the
concentration of Si (0.23 at%) dissolved in the modified alloy is about 3 times higher than
that of Ti (0.06 at%), indicating that the addition of Si should play a dominant role in the
drag effect.

Table 5. The diffusion coefficients of different solutes in pure copper [22].

Solutes D (10−4 m2/s) T-Range (K)

Sn 0.84 1011–1321
Si 0.21 998–1173
Ti 0.693 973–1283

The pinning effect of the second phase on grain boundary migration depends on
the radius (r), shape, spacing, and volume fraction (Fv) of the particles. The effect of the
second phase on the grain boundary per unit area (Pz) is usually expressed by the following
equation [23]:

PZ =
3Fvγ

2r
(5)
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here γ means the interface energy of the grain boundary per unit area. According to
the microstructural observation, there is no precipitation of the second phase particles in
the based alloy after solution treatment, while a large number of second phase particles
were found in the modified alloy (Figure 4). If we take the modified alloy with solution
processing at 1093 K for 1 h as an example, the related parameters of the secondary particles
are shown in Table 6. It can be estimated that the pinning effect of the second relative unit
area grain boundary in the modified alloy is 0.0165 MPa based on Equation (5), which is
a result of the existence of the γ phase and Ni16Si7Ti6 particles. This pinning effect also
plays a significant role in improving the thermal stability of the fine-grained structure in
the Cu-15Ni-8Sn alloy during the solution treatment.

Table 6. Parameters of secondary particles in the modified alloy after the solution processing at
1093 K for 1 h.

Fv r (μm) γ (J/m2) [24] Pz (MPa)

0.0075 0.444 0.65 0.0165

5. Conclusions

In this work, the microstructural features of the Cu-15Ni-8Sn alloy with and without
adding Si and Ti were investigated. After the solution treatment at 1073~1113 K for 0.5~2 h,
the initial (as-extruded) fine-grain structure with the grain size below 20 μm is able to be
maintained in the Cu-15Ni-8Sn-0.3Si-0.1Ti alloy while grains are excessively coarsened in
the Cu-15Ni-8Sn alloy. Based on the analysis of grain growth kinetics, the activation energy
of the grain growth is increased from 156 kJ/mol to 353 kJ/mol, suggesting a significant
improvement in the thermal stability of the fine-grained structure ascribed to additions Si
and Ti. Owing to the solid solution Si in the γ phase, a large amount of γ phase would
be retained after solution treatment. At the same time, Ni16Si7Ti6 particles are formed by
introducing Si and Ti. Consequently, the grain boundary movement is severely hindered
by two aspects: the pinning effect from the γ phase and Ni16Si7Ti6 particles, and the drag
effect induced by solute Si and Ti atoms.
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Abstract: The effect of multipass friction stir processing (FSP) on the microstructure and mechanical
properties of an AlSi10Mg alloy produced by laser-powder bed fusion was investigated. FSP was
performed at a rotational speed of 950 rpm and traverse speed of 85 mm/min. The results indicated
that FSP destroyed the coarse grain structure in the as-built AlSi10Mg by generating fine and equiaxed
grain structures with shear texture components of A∗

1(111)
[
112

]
and A∗

2(111)
[
112

]
, in addition to

causing fragmentation and refinement of the Si networks. FSP reduced the tensile strength slightly but
significantly improved ductility. One-pass FSP exhibited superior mechanical properties compared
with the two- and three-pass scenarios. The higher strength of the one-pass sample was attributed
to the strengthening mechanisms induced by the Si particles, which were grown by repeated FSP.
The higher ductility of the one-pass sample was explained using the kernel and grain average
misorientations. Furthermore, the post-FSP microstructural evolution and fracture behavior of the
samples were discussed.

Keywords: AlSi10Mg alloy; laser-powder bed fusion; friction stir processing; microstructure;
mechanical properties

1. Introduction

Laser-powder bed fusion (L-PBF), also termed selective laser melting, is an additive
manufacturing method and a rapid three-dimensional (3D) production technique that
can be applied to a wide range of metals and alloys [1]. Recently, several studies have
focused on L-PBF-related topics, looking at how they overcome the restrictions of traditional
manufacturing methods, such as machining and casting [2]. From a metallurgical point of
view, L-PBF possesses characteristics similar to those of laser welding; however, it includes
higher cooling rates. During L-PBF, in accordance with the 3D geometry, a laser (single or
multiple beams) selectively scans and melts a layer of powder that was previously laid on
a stage. Another layer of powder is subsequently deposited on the stage, and the process is
repeated for the new layer. By repeating this procedure, a metal part is produced until the
entire 3D geometry is scanned [3].

The AlSi10Mg alloy, a common L-PBF alloy owing to its high printability, has recently
attracted research attention in the field of industrial engineering [4]. For example, the
characteristics of L-PBF AlSi10Mg, such as its high strength-to-density ratio, make it an
appropriate candidate for aerospace applications. However, AlSi10Mg produced by L-PBF
has the disadvantage of low ductility owing to the presence of porosity and inhomogeneity
in its microstructure [4,5]. Therefore, several studies have explored new methods for
improving the ductility of L-PBF AlSi10Mg [4,5].

Among various post-heat and post-deformation treatments, friction stir processing
(FSP) has been introduced as a promising method of increasing the ductility of L-PBF
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AlSi10Mg [4]. FSP, which is based on the friction stir welding (FSW) concept, is a solid-state
deformation method that can be applied to modify the microstructure and mechanical
properties of metals and alloys [6]. During FSP, the deformation and heat induced by a
non-consumable-rotating tool cause various microstructural evolutions, such as dynamic
recrystallization (DRX), which destroys the initial microstructure of the material [5,7]. The
final microstructure and mechanical properties of friction stir processed (FSPed) metals
and alloys, such as L-PBF AlSi10Mg, depend on process parameters such as tool rotational
speed, tool traverse speed, tool geometry, and tool axial force [8].

Yang et al. [9] investigated the effect of tool rotational speed (750 and 1180 rpm, at
a constant tool traverse speed of 37.5 mm/min) on the microstructure and mechanical
properties of L-PBF AlSi10Mg. They determined that an increase in tool rotational speed
results in higher density by eliminating gas and solidification porosities inside the base
material (BM). In addition, they confirmed that FSP at an optimal tool rotational speed can
improve tensile elongation by 298%. Maamoun et al. [10] employed FSP for the surface
processing of an L-PBF AlSi10Mg disk using a tool rotational speed of 1750 rpm and a
tool traverse speed of 160 mm/min. They concluded that FSP is a promising method for
localized modification of the microstructure and mechanical properties of L-PBF AlSi10Mg
alloys. Zhao et al. [11,12] and Macías et al. [13] studied the effect of FSP on the damage
mechanisms in L-PBF AlSi10Mg, using a rotational speed of 1000 rpm and a traverse speed
of 500 mm/min. They determined that the FSP increases ductility by globularization of Si
in the microstructure, which delays the formation of voids on Si particles and hinders void
growth in the matrix. Rafieazad et al. [14] employed FSP to enhance the corrosion resistance
of L-PBF AlSi10Mg. They demonstrated that FSP modifies the corrosion properties by
forming a uniform microstructure, including a uniform distribution of Si particles, fine and
equiaxed grains, and a small fraction of low-angle grain boundaries (LAGBs).

The number of passes plays a key role in determining the final properties of FSPed
metals and alloys because of their direct effect on microstructural evolution, which has been
investigated by several studies on different types of material, including aluminum-based
cast alloys [15]. For example, Nakata et al. [16] studied the effect of multipass FSP on the
microstructural and mechanical properties of a die-cast aluminum alloy. They reported
that multipass FSP causes grain refinement, elimination of casting defects, and uniform
distribution of Si particles in the matrix, thereby improving the tensile strength compared
to that of the BM. Moharrami et al. [17] employed multipass FSP on Mg2Si-rich aluminum
alloys. They observed that, by increasing the number of passes, more Mg2Si fragmentation
and grain refinement can be achieved. Hence, the hardness and strength of the processed
alloy improved, whereas the wear rate and friction coefficient deteriorated. Sing et al. [18]
investigated the influence of multipass FSP on the wear properties and machinability of an
Al–Si hypoeutectic A356 alloy. They reported that highest wear resistance and machinability
can be achieved by employing two-pass FSP.

The results from these studies indicate that multipass FSP has never been implemented
on L-PBF AlSi10Mg, which can affect the microstructure and corresponding mechanical
properties. Therefore, the aim of this study was to explore the effect of multipass FSP (a total
of three passes) on the characteristics (mainly microstructure evolution and mechanical
properties) of L-PBF AlSi10Mg alloys.

2. Materials and Methods

The AlSi10Mg (10 wt.% Si, 0.4 wt.% Mg, and 89.6 wt.% Al) plate with dimensions of
120 × 50 × 2.5 mm was produced by L-PBF using a Noura M100P machine (Noura, Isfahan,
Iran) within the following parameters: number of slices, 260; powder consumption, 80 g;
build time, 2 h; layer thickness, 30 μm; energy density, 60 J/mm3; hatch space, 0.19 mm; and
scan rotation, 67◦. Gas-atomized AlSi10Mg powder with an average diameter of <65 μm
was used. After L-PBF, multipass FSP was used for post-processing of the AlSi10Mg
plate using three passes, denoted as samples S1, S2, and S3. To achieve this, FSP was
performed perpendicular to the building direction (BD) of the plate at a rotational speed
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(W) of 950 rpm, traverse speed (V) of 85 mm/min, plunge depth of 0.1 mm, and tilt angle
of 2◦ using an H13 steel tool. The FSP tool was composed of a pin and shoulder with
dimensions, as schematically shown in Figure 1a. A schematic of the multipass FSP used in
this study is shown in Figure 1b. In order to save processing time, the length of the plate
was divided into three parts. The first pass was conducted along the entire length of the
plate, which took 1.77 min. The second pass was performed on two-thirds of the plate’s
length for 0.8 min. The third pass was conducted on the final third of the plate for 0.33 min.
Considering 10 s (0.16 min) of shoulder-holing time at the start of each pass, the processing
time of three passes totaled 3.38 min.

Figure 1. Schematics of (a) FSP tool, (b) FSP process, and (c) tensile test samples.

The macrostructure and microstructure of the joint were characterized using optical
microscopy, scanning electron microscopy (SEM) equipped with an electron backscatter
diffraction (EBSD) unit, and X-ray diffraction (XRD). Metallographic samples were cut
from the joint perpendicular to the FSW direction, polished, and etched with a solution of
HNO3 (5 mL), HCl (3 mL), HF (2 mL), and distilled water (190 mL). EBSD analysis was
performed in the SEM with a step size of 0.2 μm, and all corresponding data (that is, inverse
pole figure (IPF), grain boundary (GB), grain average misorientation (GAM), and Taylor
factor maps) were processed using TSL-OIM software. To identify the grain and sub-grain
structures, the boundaries and sub-boundaries were defined based on the misorientation
angle as low-angle boundaries (LAGBs: <15◦) and high-angle boundaries (HAGBs: >15◦).
Tensile tests were performed to determine the mechanical properties of the joints and BM.
The tensile samples were wire cut according to the JIS no. 7 standard (Figure 1c) and tested
at a strain rate of 1 mm/min. Moreover, the fractured surfaces of the tensile samples were
characterized using SEM.

3. Results

3.1. Microstructural Zones

The cross-sectional macrostructures of the different FSPed samples are shown in
Figure 2, indicating the presence of distinct zones including the BM, transition zone, and
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stir zone (SZ). It is obvious from the macrostructure images (Figure 3a) that the BM is not
affected by heat and deformation during FSP, exhibiting a typical microstructure of L-PBF
AlSi10Mg containing overlapping melt pool boundaries (MPBs). However, the transition
zone between the BM and SZ (Figure 3b), which is composed of the heat-affected (HAZ)
and thermomechanically affected zones (TMAZ), is influenced during FSP. By reaching
the center of the SZ, the temperature, strain, and strain rate induced by the rotational tool
increased to their maximum values. Hence, the microstructural evolution can be completed
in the SZ, whereas it only partially occurs in the transition zone owing to inadequate heat
and deformation.

 

Figure 2. Cross-sectional macrostructure of (a) S1, (b) S2, and (c) S3.

 

Figure 3. Optical microscopy images showing typical microstructural zones S1: (a) BM, (b) transition
zone between SZ and BM including TMAZ and HAZ, (c) coarse SZ, and (d) fine SZ. The fine and
coarse SZ refer to the zones with fine and coarse Si particles.

204



Materials 2023, 16, 1559

From Figure 2, based on the size of the Si particles, the SZ can be divided into two
regions: coarse and fine SZs. The coarse SZ is found to be created in the advancing side
(between TMAZ and fine SZ) and under the shoulder, where the temperature is higher
than other regions [7]. Moreover, the size of the coarse SZ area is increased by multipass
FSP (Figure 2). This can be related to the repeated heat input derived from multipass
FSP. The microstructures of the coarse and fine SZs (for example in S1) are shown in
Figure 3c,d, indicating higher growth of Si particles in the coarse SZ than the fine SZ. As
shown in Figure 2, the width and depth of the FSP zone was increased by the multipass
FSP. Furthermore, the large L-PBF porosities were eliminated after FSP (Figure 2). The peak
temperature in SZ during FSP directly affects the microstructure of the corresponding zones,
which depends on the rotational and traverse speeds based on the following equation [6,7]:

T = KTm(
W2

104 × V
)

α

(1)

where Tm stands for the melting point of the AlSi10Mg (~600 ◦C), and K and α are the con-
stants in the ranges of 0.04–0.06 and 0.65–0.75, respectively. By inserting the corresponding
values to Equation (1), the temperature in SZ was estimated to be ~315 ◦C, an appropri-
ate temperature for the occurrence of restoration and dynamic softening mechanisms in
aluminum alloys [6]. Therefore, the material can flow easily during FSP to fill the porosities.

The SEM micrographs of the melt pool interior (Figure 3) and fine SZs are shown in
Figure 4, which confirm the fragmentation of fibrous Si networks (indicated by yellow
arrows in Figure 4a) into individual particles (Figure 4b–d) by FSP. In addition, one-pass
FSP (S1) caused the finest Si particles among the three FSPed samples, whereas there was
no considerable difference between S2 and S3. Importantly, from Figure 4, the presence
of fine Si precipitate in the BM is observed (white arrows in Figure 4a in the Al matrix
surrounded by Si networks), which can also be found in the SZs (Figure 4b–d).

The XRD patterns (Figure 5) indicate the existence of Mg2Si precipitates in the BM
and SZs in addition to the Si phase, which is well-described in literature [4]. Moreover,
the change in (111) Al peak intensity suggests the texture formation during FSP, which is
discussed in detail based on EBSD pole figures and inverse pole figures.

3.2. EBSD Maps

As shown in Figure 6a, the BM is composed of two types of grain, including large
elongated grains (black arrows) and fine equiaxed grains (white arrows) within a single
melt pool, as indicated by the black line area. The average grain size of the BM was 15.8
μm. The elongated grains are mainly formed parallel to the BD, going against the heat
transfer direction during the solidification of the melt pools [4]. The formation of fine
equiaxed grains occurs when the melt pool is consumed by elongated grains and the
temperature gradient decreases to a certain value for the nucleation of equiaxed grains [19].
From Figure 6b, the BM contained 81% and 19% HAGBs and LAGBs, respectively. The
grain average misorientation (GAM) map (Figure 6c) for misorientation between 0◦ and
2◦ can be employed to qualitatively estimate the dislocation density, with higher GAM
values indicating a higher dislocation density in the material [20]. As shown in Figure 6c,
in the BM, the elongated grains have larger GAM values than the fine equiaxed grains,
and the average GAM value was calculated as 0.53◦. The Taylor factor in polycrystalline
metals and alloys represents the effect of crystallographic texture on yield strength [21]. A
higher Taylor factor indicates higher strength of the metals and alloys. In Figure 6d, the
Taylor factor map of the BM is shown, in which the average value of the Taylor factor was
calculated to be 2.84.
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Figure 4. Secondary electron SEM images: (a) Si networks in BM, and (b–d) Si particles at the center
of the SZs (fine SZs) for S1, S2, and S3, respectively. The yellow arrows in (a) indicate the fibrous Si
networks. The white arrows denote the fine precipitates.

The EBSD maps of S1, S2, and S3 SZs are shown in Figures 7 and 8. From Figure 7, FSP
leads to grain refinement in the SZs, and the average grain sizes of S1, S2, and S3 were cal-
culated as 3.0, 3.1, and 2.5 μm, respectively. The formation of fine-grained structures in the
SZs of FSPed metals and alloys is related to the occurrence of different DRX mechanisms [6].
According to the GB map of the samples in Figure 7, a large number of grain boundaries
(80%, 71%, and 83% for S1, S2, and S3, respectively) have the characteristics of HAGBs.
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Figure 5. XRD patterns for BM (as-built material: AB) and SZ of different FSPed samples.

 

Figure 6. (a) Inverse pole figure (IPF), (b) Grain boundary (GB), (c) Grain average misorientation
(GAM), and (d) Taylor factor maps of BM. In (a,c), HAGBs are superimposed as black boundaries. In
(d), the {111}<110> family of slip systems was considered for calculation of Taylor factor values.
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Figure 7. Inverse pole figure (IPF) and grain boundary (GB) maps of SZs: (a,b) S1, (c,d) S2, and (e,f) S3.
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Figure 8. Grain average misorientation (GAM) and Taylor factor maps of SZs: (a,b) S1, (c,d) S2, and (e,f) S3.
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The GAM maps of the FSPed samples in Figure 8 and their calculations indicated
0.45◦, 0.59◦, and 0.54◦ values for S1, S2, and S3, respectively. Therefore, the first FSP pass
resulted in reduced dislocation density. However, more passes of FSP resulted in larger
GAM values than those of the BM (Figure 6). Furthermore, from Figures 7 and 8, the
formation of a bimodal grain structure in S1 is evident, including fine grains (white arrows
in Figures 7 and 8) and elongated large grains (black arrows in Figures 7 and 8), which
decreased in S2 and disappeared in S3. According to the GB maps in Figure 7 and the
GAM maps in Figure 8, the larger grains in the bimodal structures of S1 and S2 contained
substructures such as LAGBs and higher dislocation densities compared to those of sample
S3. Analysis of the Taylor factor maps and values (Figure 8) indicated that the bimodal
structure was enhanced compared to that of the BM. The Taylor factor values for S1, S2,
and S3 are calculated as 2.98, 3.12, and 3.18, respectively.

3.3. Texture

The (001) pole figure (PF) and inverse pole figure (IPF) along the [001] direction of
L-PBF AlSi10Mg are shown in Figure 9. It presents the strong texture formation in which
the [001] crystallographic direction is aligned with the BD, indicated by red arrows at the
center and black arrows at the periphery of PF. The formation of such a texture component
is related to the solidification nature of metals and alloys with face-centered cubic (FCC)
crystallographic structures. During the solidification of these alloys, the preferred growth
directions (<100> directions) are aligned parallel and opposite to the heat transfer direction
(that is, //BD) in the melt pools, hence a <100>//BD can be formed (Figure 9b). Texture
weakening may occur due to the thermal gradient that is not parallel to the BD, and,
depending upon the L-PBF parameters, may have a radial nature [19]; hence, the elongated
grains (Figure 6) can be tilted outwards toward the center of the melt pools.

Figure 9. (001) pole figure (a) and (001) inverse pole figure (b) of BM. X and Y in (a) belong to the BM
coordination system as indicated in Figure 1b. BD denotes the building direction of the BM during
L-PBF. Inverse pole figure in (b) was generated parallel to BD.

It is known that FSP causes the formation of shear texture components in the SZ [6].
Therefore, for the analysis of texture components in SZs, they are typically compared
with simple shear texture components for FCC metals and alloys, as listed in Table 1.
However, owing to the complex deformation in the SZ during FSP, the texture components
exhibit a mismatch with those in simple shear deformation. To overcome this problem, the
as-acquired PFs should be rotated about the X, Y, and Z axes, which aligns them with a
standard frame of reference composed of shear and shear plane normal directions (SD and
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SPN) [6]. In Figure 10, the rotated (111) PFs for S1, S2, and S3 and the ideal simple shear
texture components of metals with FCC crystallographic structures are illustrated.

Table 1. Ideal texture components with corresponding Euler angles and Miller indices in simple
shear deformation of metals with a face-centered cubic (FCC) crystallographic structure [6].

Symbol
Euler Angles (◦)

Miller Indices (hkl)<uvw>
ϕ1 Φ ϕ2

A∗
1

35.26/215.26 45 0/90
(111)

[
112

]
125.26 90 45

A∗
2

144.74 45 0/90
(111)

[
112

]
54.74/234.74 90 45

A 0 35.26 45
(
111

)
[110]

A 180 35.26 45
(
111

)[
110

]
B 0/120/240 54.74 45

(
112

)
[110]

B 60/180 54.74 45
(
112

)[
110

]
C

90/270 45 0/90 {001}〈110〉0/180 90 45

Figure 10. (111) pole figures of different SZs: (a) S1, (b) S2, and (c) S3. SD and SPN denote the
shear and shear plane normal directions. (d) Ideal simple shear texture components of metals with
face-centered crystallographic (FCC) structures [22].
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As shown in Figure 10a and Table 1, the first pass of FSP resulted in the formation of
the A∗

1
(
(111)

[
112

])
shear texture component in the SZ, with an intensity 7.5 times larger

than the random texture. The second pass of FSP (Figure 10b) resulted in more intense
shear texture components (intensity = 10.7) for both the A∗

1(111)
[
112

]
and A∗

2(111)
[
112

]
.

The third pass of FSP (Figure 10c) led to the consumption of A∗
2 and a reduction in the

texture intensity to 4.9. This texture analysis reveals that, at the first and second passes of
the FSP, the grains inherit the shear texture induced by the rotational tool. By repeating
the FSP, the texture intensity increases and other types of shear texture component can be
formed. However, the third pass of FSP has a negative effect on texture intensity, which
implies that DRX gradually becomes the dominant microstructural mechanism by further
increasing the number of FSP passes.

3.4. Mechanical Properties

The engineering stress-strain curves of the BM and FSPed samples are illustrated
in Figure 11. The results indicated that the as-built BM exhibited high tensile strength
(~354 MPa) and low fracture elongation (~8.4%), which is consistent with literature [4,5].
FSP caused a moderate reduction in the ultimate tensile strength (UTS) of the L-PBF
AlSi10Mg alloy; however, it resulted in significantly higher fracture elongation in all three
passes. Moreover, the first pass of FSP resulted in higher UTS and elongation compared to
the second and third passes. It is evident that, by increasing the number of passes, both the
UTS and elongation decreased.

 
Figure 11. Engineering stress–strain plots of BM and different FSPed samples.

The SEM images of the FSPed fractured surfaces are illustrated in Figure 12, which
confirm the ductile fracture of the samples owing to the presence of dimples. In addition,
the fracture surface of S1 (Figure 12a,b) contained finer dimples than those of the other
samples (Figure 12c–f), which confirms its higher elongation. Moreover, in all cases, the
fractured surface was composed of different-sized dimples, owing to the different grain
(Figure 7) and Si particle (Figure 4) sizes in the SZs. Figure 13 revealed the presence of
large (white arrows in Figure 13a) and fine (yellow arrows in Figure 13a) Si particles on
the fractured surfaces of all samples and interior walls of the dimples (yellow arrows in
Figure 13b). Thus, it can be concluded that the damage sites during tensile loading were
composed mainly of the AlSi10Mg matrix and, to some extent, Si particles. The correlation
between microstructural features and tensile properties is discussed in the next section.
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Figure 12. Secondary electron SEM images of fractured surfaces at different magnifications: (a,b) S1,
(c,d) S2, and (e,f) S3.

 

Figure 13. Secondary electron SEM images of fractured surfaces: (a) S2, showing the presence of
large Si particles, and (b) S3, revealing the existence of fine Si particles on the dimple walls.

213



Materials 2023, 16, 1559

4. Discussion

The FSP reduced the strength but enhanced the ductility of L-PBF AlSi10Mg, while
one pass of FSP exhibited higher strength and ductility compared to higher numbers (two
and three) of FSP passes. The origin of this behavior is discussed in this section. The
strength of a polycrystalline metal can be attributed to various mechanisms, such as grain
boundary, solid solution, secondary phase or precipitation, dislocation density, and texture-
strengthening mechanisms [21]. For brevity, the EBSD data are summarized in Table 2,
distinguishing the strengthening mechanisms.

Table 2. EBSD data of the grain and texture characteristics in the BM and SZs. The data comes to the
fine SZs as shown in cross-sectional macrostructures (Figure 2).

Sample Dav (μm) HAGBs (%) LAGBs (%) GAM Value (◦) Taylor Factor
Texture

Components
Texture

Intensity

BM 15.8 81 19 0.53 2.84 BD//[001] 3.0
S1 (1 pass) 3.0 80 20 0.45 2.98 A∗

1 7.6
S2 (2 pass) 3.1 71 29 0.59 3.12 A∗

1 and A∗
2 10.7

S3 (3 pass) 2.5 83 17 0.54 3.18 A∗
1 4.9

According to Table 2, the as-built BM of the L-PBF AlSi10Mg alloy has a larger grain
size (15.8 μm) and lower Taylor factor (2.84) compared to the FSPed samples; however, they
exhibit higher strength values (Figure 11). The main reason for the higher strength of the
BM is the effect of the eutectic Si networks (Figure 4a), which act as barriers to dislocation
movement. The strengthening effect of these Si networks is similar to that of the grain
boundaries [23,24]; that is, narrower Si networks are more effective in strengthening the
L-BPF AlSi10Mg.

It is evident from Table 2 that, despite the lower GAM and Taylor factor values of S1,
it possesses a higher strength than S2 and S3 (Figure 11). The grain size of S1 is similar to
that of S2, and it is larger than that of S3, suggesting that the effect of grain size cannot be
the dominant factor on the strength of the FSPed samples. In addition, the same trend was
observed in the case of HAGB values. Thus, it can be concluded that the main strengthening
mechanism in the FSPed sample is not attributed to those Si particles activated in the Al
matrix but is related to their nature. As shown in Figure 4b, the first pass of FSP resulted
in the formation of finer Si particles compared to the second and third passes. The finer
Si particles are more effective in hindering dislocation movement [25], thus increasing the
strength of S1. In the SZ of the S2 and S3 FSPed samples, larger Si particles were formed
(Figure 4c,d), indicating Si growth and coarsening. The activation energy for the growth
and coarsening of Si particles is the high number of solute Si atoms trapped in the Al
matrix because of the high cooling rate during the non-equilibrium solidification of L-PBF
AlSi10Mg [15]. During the FSP, the temperature induced by the rotational tool caused the
precipitation of supersaturated Si particles. The newly precipitated Si in conjunction with
fine Si particles (primarily present in the Al matrix) join together (coalescence mechanism)
or join the surface of the larger Si particles, resulting in the continuous growth of Si particles.
The fine Si particles (red arrows) on the surface of a large particle and the coalescence
mechanism (blue arrows) on the fractured surface of the FSPed samples confirm the
suggested growth mechanism (Figure 14).

This growth mechanism has also been suggested by other studies for the heat treatment
of L-PBF AlSi10Mg [2]. More FSP passes provide more time at high temperatures for the
diffusion of Si solute atoms, which helps explain the growth mechanism. It is worth
noting that the growth of Si particles also has an indirect negative effect on the solid solute
strengthening mechanism, as the amount of solute Si atoms is reduced in the Al matrix.
For example, energy-dispersive X-ray spectroscopy (EDS) point analysis showed that the
amount of solute Si in the matrix was reduced from 2.7 wt.% (for as-built material) to
1.9 wt.% (for the S1 sample). Notably, the lower strength of S3 compared to the other
samples is related to the cross-sectional macrostructures (Figure 2), in which the coarse SZ
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of S3 is larger than that of the other samples. All the tensile samples were broken from
the center of the SZs, while for S3 the large coarse SZ adversely affected tensile strength
and ductility. This coarse SZ effect was negligible in the cases of S1 and S2 because of the
existence of fine SZs in the broken areas of their tensile samples. It is worth noting that the
results of hardness measurements confirmed the measured tensile strengths of the samples.
The hardness profiles of the samples are illustrated in Figure 15, showing that S1 exhibited
the highest SZ hardness values among the samples. In addition, in all cases, FSP induced a
sharp reduction in hardness from BM to the SZs.

 

Figure 14. Secondary electron SEM images of the (a) fractured surface of FSPed samples, and
(b) magnified view of the blue rectangle area in (a). The red, blue, and yellow arrows refer to the
sticking of fine Si particles to the surface of a large one, coalescence of particles, and fine Si particles
preset in dimples, respectively.

Figure 15. Hardness profiles of BM and different FSPed samples.

The higher ductility of FSPed samples compared to that of the BM (Figure 11) is related
to the finer grain sizes of the SZs (Table 2) and elimination of large L-PBF porosities by
FSP, as shown in the cross-sectional macrostructures (Figure 2). For more detail, the higher
magnified OM images of porosities in BM and their absence after one-pass FSP are shown
in Figure 16.
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Figure 16. Optical microscope (OM) images of (a) large porosities in BM and (b) SZ of one-pass
FSPed samples showing the absence of large porosities. The red arrows refer to the large porosities in
BM (a).

In the case of the FSPed samples, two main reasons can be explored for the higher
ductility of S1, as listed in Table 2. Raising the number of FSP passes increased the GAM
value from 0.45◦ (S1) to 0.59◦ (S2). The higher GAM values indicate a qualitatively higher
dislocation density in S2 and S3. Thus, dislocation movement can be hindered owing to
their interaction during tensile loading more rapidly than in S1, thus ductility decreases.
Notably, the GAM value refers to the effect of the Al matrix on ductility. The kernel average
misorientation (KAM) map can be employed to determine the effect of Si particles on
ductility. In KAM maps, the misorientation among a grain at the center of the kernel and
all points at the border of the kernel is measured. The KAM value of the center point is the
average of these misorientations, which indicates the amount of stress concentration [26,27].
The more uniform distribution and lower KAM values indicate less-concentrated stresses
in the samples, which causes delayed necking and higher ductility [15]. The KAM maps
of the SZs in different samples are illustrated in Figure 17, which shows the existence of
the initial concentrated stress in all samples. However, for S1, the KAM values were lower
and more uniform than those of the other samples. During tensile loading, the different
deformations of the hard Si particles and soft Al matrix cause inhomogeneity in the plastic
strain. To accommodate this inhomogeneity, geometrically necessary dislocations (GNDs)
are formed, hence a strain gradient or stress concentration will develop in the interfacial
zones. The primary high and non-uniform KAM values in S2 and S3 can promote the
formation of a strain gradient during tensile loading, hence lower ductility. Finally, from
the perspective of the Al matrix, owing to the lower amount of GAM in S1, it has a higher
strain-hardening capacity compared to other samples, therefore causing higher ductility.

 

Figure 17. Kernel average misorientation (KAM) maps of SZs in different samples: (a) S1, (b) S2,
and (c) S3.
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5. Conclusions

Multipass FSP was used to modify the microstructure and mechanical properties of
the L-PBF AlSi10Mg plates. The following conclusions were made:

(1) FSP causes the formation of different microstructural zones, such as the BM, HAZ,
TMAZ, and SZ, in various metals and alloys, as reported in literature. However, in
the case of L-PBF AlSi10Mg, the SZs comprised two distinct fine and coarse regions in
accordance with the size of the Si particles. The amount of coarse SZ in the one- and
two-pass FSPed samples was negligible. However, in the three-pass FSPed sample, a
significant part of the SZ belonged to the coarse SZ.

(2) The elongated grains and BD//[001] texture in the as-built AlSi10Mg disappeared
after FSP, and fine equiaxed grains with shear texture components were formed. In
addition, the fiber-like Si networks were replaced with Si particles because of their
fragmentation during the FSP.

(3) The main reason for the higher strength of the as-built AlSi10Mg compared to those
of the FSPed samples is the effect of eutectic Si networks, which act as barriers to
dislocation movement, such as the effect of grain boundaries on the strength of metals
and alloys based on the Hall–Petch relationship.

(4) The main strengthening mechanisms in the FSPed samples were not related to the
Al matrix; however, they were attributed to the Si particles. By repeating the FSP
(two and three passes), the Si particles grow by consuming the fine Si particles and
Si solute atoms in the Al matrix, resulting in larger and fewer particles. The finer Si
particles and higher solute Si atoms in the one-pass FSPed sample led to higher tensile
strength compared with the other samples.

(5) Finer grain sizes of SZs and elimination of large L-PBF porosities by FSP are the main
reasons for the higher ductility of the FSPed samples compared to that of the as-built
AlSi10Mg. The higher ductility of the one-pass FSPed sample can be attributed to the
lower and uniform distribution of KAM values and lower GAM values. Notably, in
the case of three-pass FSP, the existence of a severely coarse SZ in the macrostructure
is the additional origin of lower ductility.

(6) The outcome of this study can be useful for the material science community, particu-
larly for studies investigating the post-treatment of L-PBF AlSi10Mg.
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Abstract: TiB2–MgAl2O4 composites were fabricated by combustion synthesis involving metallother-
mic reduction reactions. Thermite reagents contained Al and Mg as dual reductants and TiO2 or
B2O3 as the oxidant. The reactant mixtures also comprised elemental Ti and boron, as well as a
small amount of Al2O3 or MgO to serve as the combustion moderator. Four reaction systems were
conducted and all of them were exothermic enough to proceed in the mode of self-propagating
high-temperature synthesis (SHS). The reaction based on B2O3/Al/Mg thermite and diluted with
MgO was the most exothermic, while that containing TiO2/Al/Mg thermite and Al2O3 as the diluent
was the least. Depending on different thermites and diluents, the combustion front temperatures in
a range from 1320 to 1720 ◦C, and combustion wave velocity from 3.9 to 5.7 mm/s were measured.
The XRD spectra confirmed in situ formation of TiB2 and MgAl2O4. It is believed that MgAl2O4

was synthesized through a combination reaction between Al2O3 and MgO, both of which can be
totally or partially produced from the metallothermic reduction of B2O3 or TiO2. The microstruc-
ture of the TiB2–MgAl2O4 composite exhibited fine TiB2 crystals surrounded by large densified
MgAl2O4 grains. This study demonstrated an energy-saving and efficient route for fabricating
MgAl2O4-containing composites.

Keywords: MgAl2O4; TiB2; metallothermic reduction; SHS powder metallurgy; combustion wave
propagation

1. Introduction

TiB2 has been one of the most studied ultra-high temperature ceramics (UHTCs)
due to its unique properties, including a high melting point (3225 ◦C), high hardness (33
MPa), high Young’s modulus (530 MPa), excellent wear and oxidation resistance, thermal
shock resistance, chemical inertness, and good electric conductivity [1–3]. Combination
of these properties makes TiB2 an ideal candidate for use in ballistic armors, crucibles,
metal evaporation boats, cutting tools, wear resistance parts, and cathodes for alumina
smelting [4–6]. Many ceramic phases, such as Al2O3, SiC, B4C, and MgAl2O4, have been
considered as the reinforcement to improve fracture toughness, oxidation resistance, heat
resistance, and mechanical strength of the TiB2-based composites [7–10]. Moreover, a recent
study showed that TiB2–Al2O3–MgAl2O4 composite possesses temperature insensitive and
enhanced microwave absorption properties [11]. Magnesium aluminate spinel, MgAl2O4,
as an additive has been rarely studied, possibly because the fabrication of MgAl2O4 via
either the direct solid-state reaction of oxides or wet chemical methods requires multiple
steps that are complicated and time-consuming [12–14]. However, MgAl2O4 is an attractive
component due to its high melting point, chemical inertness, high hardness, corrosion
resistance, high mechanical strength, and low cost [12].

Among various fabrication routes for preparing multiphasic ceramics, metallothermic
reduction reactions (i.e., thermite reactions) combined with combustion synthesis have been
recognized as a promising technique for in situ formation of MgAl2O4-containing compos-
ites [15]. Combustion synthesis in the mode of self-propagating high-temperature synthesis
(SHS), which is based on strongly exothermic reactions, has merits of low energy consump-
tion, short reaction time, simple equipment and operation, high-purity products, and in situ
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formation of composite components [16–18]. Moreover, aluminothermic and magnesiother-
mic reduction reactions have Al2O3 and MgO as their respective by-products, both of which
are precursors for the formation of MgAl2O4. Consequently, Omran et al. [19] applied
the reduction-based SHS technique to produce MgAl2O4–W–W2B composites through
magnesiothermic reduction of B2O3 and WO3 in the presence of Al2O3. Zaki et al. [20]
synthesized MoSi2– and Mo5Si3–MgAl2O4 composites by SHS with a reducing stage from
raw materials consisting of MoO3, SiO2, and Al as aluminothermic reagents and MgO as
a precursor. Similarly, MgO was added into the reactive mixture of TiO2, B2O3, and Al
to fabricate TiB2–MgAl2O4 composites by thermitic combustion synthesis [21]. Generally,
most of the previous studies on the formation of MgAl2O4-containing composites had prior
addition of one of two precursors (Al2O3 or MgO) in the green samples.

This study represents the first attempt to prepare TiB2–MgAl2O4 composites from the
SHS powder metallurgy simultaneously involving aluminothermic and magnesiothermic
reduction of TiO2 or B2O3. Only a small amount of Al2O3 or MgO was included in the
reactive mixture to serve as the combustion moderator and part of the precursors for the for-
mation of MgAl2O4. Four SHS reaction systems formulated with different metallothermic
reagents and combustion diluents were investigated. In this work, combustion exothermic-
ity and kinetics of the combustion wave of the SHS process, as well as compositions and
microstructures of the final products were explored.

2. Materials and Methods

The starting materials adopted by this study included TiO2 (Acros Organics, Geel,
Belgium, 99.5%), B2O3 (Acros Organics, 99%), Al2O3 (Alfa Aesar, Haverhill, MA, USA,
99%), MgO (Acros Organics, 99.5%), Al (Showa Chemical Co., Tokyo, Japan, <45 μm,
99.9%), Mg (Alfa Aesar, <45 μm, 99.8%), Ti (Alfa Aesar, <45 μm, 99.8%), and amorphous
boron (Noah Technologies, San Antonio, TX, USA, <1 μm, 93.5%). Four SHS reactions
were formulated for the synthesis of 3TiB2–MgAl2O4 composites. Two metallothermic
reagents (i.e., thermites) were considered; one is composed of TiO2, Al, and Mg, as shown in
Equations (1) and (2), and the other comprises B2O3, Al, and Mg, as in Equations (3) and (4).
Due to strong exothermicity of combustion, Al2O3 with an amount of 0.3 mol. was included
in Equations (1) and (3) as the combustion moderator (or combustion diluent) in order
to attain stable propagation of the combustion wave. The pre-added Al2O3 also acted
as part of the precursor for the synthesis of MgAl2O3. Likewise, an equal amount of
MgO was adopted by Equations (2) and (4) and MgO played the same role as Al2O3 in
Equations (1) and (3).

(1.55TiO2 + 1.4Al + Mg) + 0.3Al2O3 + 1.45Ti + 6B → 3TiB2 + MgAl2O4 (1)

(1.85TiO2 + 2Al + 0.7Mg) + 0.3MgO + 1.15Ti + 6B → 3TiB2 + MgAl2O4 (2)

(1.033B2O3 + 1.4Al + Mg) + 0.3Al2O3 + 3Ti + 3.934B → 3TiB2 + MgAl2O4 (3)

(1.233B2O3 + 2Al + 0.7Mg) + 0.3MgO + 3Ti + 3.534B → 3TiB2 + MgAl2O4 (4)

Combustion exothermicity of the above four reactions, Equations (1)–(4), was eval-
uated by calculating their adiabatic combustion temperatures (Tad) from the following
energy balance equation [17,22] with thermochemical data taken from [23].

ΔHr +

Tad∫
298

∑ njcp
(

Pj
)
dT + ∑

298−Tad

njL
(

Pj
)
= 0

where ΔHr is the reaction enthalpy at 298 K, cp and L are the heat capacity and latent heat,
nj is the stoichiometric coefficient, and Pj refers to the product component.

The SHS experiments were conducted in a windowed combustion chamber filled
with Ar at 0.25 MPa. Reactant powders were well mixed in a tubular ball mill and then
uniaxially compressed into cylindrical test specimens with a diameter of 7 mm, a height of
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12 mm, and a relative density of 55%. The sample compact was ignited by an electrically
heated tungsten coil. An R-type bare-wire thermocouple (Pt/Pt-13%Rh) with a bead size
of 125 μm was used to measure the combustion temperature. The propagation velocity of
combustion wave (Vf) was determined by the time derivative of the flame-front trajectory
constructed from the recorded series of combustion images. Phase compositions of the
products were identified by an X-ray diffractometer (XRD, Bruker D2 Phaser, Karlsruhe,
Germany). Microstructures and constituent elements of the products were examined by the
scanning electron microscopy (SEM, Hitachi, Tokyo, Japan, S3000H) and energy dispersive
spectroscopy (EDS). Details of the experimental methods were reported elsewhere [24].

3. Results and Discussion

3.1. Combustion Exothermicity of Reduction-Based SHS Reactions

Figure 1 presents the calculated ΔHr and Tad of reactions Equations (1)–(4) and shows
that Equation (4) has the highest values while Equation (1) has the lowest ones. Both ΔHr
and Tad increase from Equations (1)–(4). Specifically, the values of Tad are 2530 K, 2595
K, 2783 K, 2897 K for Equation (1)–(4), respectively. A comparison between Equations
(1) and (2) revealed that the combustion moderator Al2O3 appeared to impose a stronger
dilution effect on combustion than MgO, which led to a lower Tad for Equation (1) than
Equation (2). Similar results were observed in Equations (3) and (4). These findings could
also be explained by the fact that metallothemic reduction of TiO2 or B2O3 by Al is more
exothermic than that by Mg [15,25].

Figure 1. Enthalpies of reaction (ΔHr) and adiabatic combustion temperatures (Tad) of
Equation (1)–(4) for the synthesis of 3TiB2–MgAl2O4 composites.

On the other hand, because the B2O3-based thermite is more energetic than the one
using TiO2 [25], Equation (3) has a higher Tad than Equation (1). Similarly, Equation (4)
has a higher Tad than Equation (2). According to the calculated Tad, it is realized that the
thermite oxidants (i.e., B2O3 versus TiO2) have a more pronounced influence on combustion
exothermicity than the diluent oxides (i.e., Al2O3 versus MgO).

3.2. Combustion Temperature and Self-Propagating Velocity

Two series of the SHS processes recorded from reactions Equations (1) and (3) are
illustrated in Figure 2a,b, respectively. It is apparent that upon ignition, the reaction was
initiated and characterized by a self-sustaining combustion wave. More intense combustion
accompanied with a faster combustion wave was observed in Figure 2b, when compared
with that in Figure 2a. Combustion luminosity and flame spreading speed reflected the
degree of reaction exothermicity. As mentioned above, B2O3/Al/Mg-based Equation (3) is
more energetic than TiO2/Al/Mg-based Equation (1). Similar combustion behavior was
also noticed in Equations (2) and (4).
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Figure 2. Time sequences of recorded SHS images illustrating self-sustaining combustion wave of
(a) Equation (1) and (b) Equation (3).

Figure 3 depicts typical combustion temperature profiles measured from four different
reactions. All profiles exhibit a steep temperature rise followed by a rapid descent, which is
characteristic of the SHS reaction that features a fast combustion wave and a thin reaction
zone. The peak value is considered as the combustion front temperature (Tc). When
compared with pinnacles in the contours of Equations (1) and (2), sharper peaks were
detected in the profiles of Equations (3) and (4). This implied a faster combustion wave
in Equations (3) and (4). As shown in Figure 3, the values of Tc from Equation (1)–(4) in
ascending order are 1348 ◦C, 1445 ◦C, 1660 ◦C, and 1736 ◦C. It should be noted that the
measured combustion front temperatures are in agreement with the calculated reaction
exothermicity.

Figure 3. Typical combustion temperature profiles measured from Equation (1)–(4) for the synthesis
of 3TiB2–MgAl2O4 composites.

It is useful to note in Figure 3 that the curves of Equations (3) and (4) have a shape
peak with a pronounced shoulder. The shape peak was a result of the fast combustion
wave. The pronounced shoulder could be caused by the occurrence of volumetric synthesis
reactions after the passage of the rapid combustion wave.
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Figure 4 plots the measured combustion wave propagation velocities (Vf) and temper-
atures (Tc) of four reactions. The rising trend of Vf from Equations (1)–(4) is consistent with
that of Tc. This can be understood by the fact that the propagation of combustion wave is
essentially governed by layer-by-layer heat transfer from the reaction zone to unreacted
region, and therefore, is subject to the combustion front temperature. As presented in Fig-
ure 4, the average combustion velocities are 3.9, 4.7, 5.1, and 5.7 mm/s for Equations (1)–(4),
respectively. It is worth noting that the measured combustion temperature not only justified
the reaction exothermic analysis, but confirmed the temperature dependence of combustion
wave velocity.

Figure 4. Combustion wave velocity (Vf) and combustion front temperature (Tc) measured from
Equation (1)–(4) for the synthesis of 3TiB2–MgAl2O4 composites.

3.3. Composition and Microstructure Analyses of Synthesized Products

The XRD spectra of the final products synthesized from Equations (1) and (2) are
shown in Figure 5a,b, respectively. Both indicated the formation of TiB2 and MgAl2O4
along with two minor phases, magnesium titanate (MgTiO3) and MgO. It is believed
that MgAl2O4 was synthesized through a combination reaction between Al2O3 and MgO.
Equation (1) and (2) were formulated with the same thermite reagents of TiO2, Al, and
Mg, but diluted by different metal oxides. That is, Al2O3 was partly pre-added and partly
thermite-produced, while MgO was completely generated from the reduction of TiO2 by
Mg in Equation (1). In contrast, the required Al2O3 in Equation (2) was entirely produced
from the reduction of TiO2 by Al, but MgO was supplied in part from prior addition and in
part from the reduction of TiO2 by Mg. For both Equations (1) and (2), TiB2 was synthesized
from the reaction of elemental boron with reduced and metallic Ti.

Traces of MgO suggested an incomplete reaction due probably to the relatively low
reaction temperatures of Equations (1) and (2). The presence of MgTiO3 in the final products
of Equations (1) and (2) could be attributed to the reaction of MgO with the thermite oxidant
TiO2 [26,27]. The formation of MgTiO3 in the SHS-produced TiB2–MgAl2O4 composites
was also observed by Radishevskaya et al. [10] using Ti, boron, and MgAl2O4 as their
starting materials and a partial decomposition of MgAl2O4 during combustion synthesis
was considered as a possible route resulting in the formation of MgTiO3.

The presence of MgO along with no detection of Al2O3 in the final products of
Equations (1) and (2) suggested that the as-synthesized MgAl2O4 is an Al2O3-rich spinel.
The formation of MgTiO3 could also result in the production of Al2O3-rich spinel. Ac-
cording to Naghizadeh et al. [28], magnesium titanate compounds (MgTiO3 and Mg2TiO4)
were identified in the phase evolution of MgAl2O4 produced from TiO2-containing sam-
ples and stoichiometric MgAl2O4 spinel shifted toward the Al2O3-rich type. Due to the
formation of MgTiO3, the amount of TiB2 formed in the composite should be less than the
stoichiometric amount.
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Figure 5. XRD patterns of TiB2/MgAl2O4 composites obtained from SHS reactions of (a) Equation (1)
and (b) Equation (2).

Figure 6a,b exhibits the XRD patterns of the synthesized composites from Equations (3) and (4),
respectively. In addition to TiB2 and MgAl2O4, a small amount of MgTiO3 was identified.
The formation of MgAl2O4 from a combination reaction between Al2O3 and MgO was
proved. Both Al2O3 and MgO can be totally or partially produced from the reduction of
B2O3 by Al and Mg. For Equations (3) and (4) containing B2O3/Al/Mg-based thermite,
TiB2 was produced from the reaction of metallic Ti with reduced and elemental boron.
Moreover, the formation of MgTiO3 in Equations (3) and (4) might involve some interaction
of Ti with B2O3 to form TiO2 which further reacted with MgO. Unlike that in Equations (1)
and (2), MgO was no longer detected in the final products of Equations (3) and (4).

Figure 6. XRD patterns of TiB2/MgAl2O4 composites obtained from SHS reactions of (a) Equation (3)
and (b) Equation (4).
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MgTiO3 ceramic has been proved to be an excellent dielectric material, owing to its
high dielectric constant, low dielectric loss, high value of quality factors, and good temper-
ature stability [29,30]. It is believed that a trace amount of MgTiO3 as a minor phase existed
in the as-synthesized TiB2-MgAl2O4 products has no effect on the refractory properties of
the composites. However, removal of MgTiO3 from the TiB2-MgAl2O4 composite would be
difficult, since it could combine with MgAl2O4 in a solid solution form [28].

The SEM image shown in Figure 7 illustrates the microstructure of fracture surface of
the product synthesized from Equation (1) which contains a TiO2/Al/Mg-based thermite.
The morphology displays several large and solidified MgAl2O4 aggregates of 5–15 μm
surrounded by fine-grain TiB2 crystals with a particle size of about 1–2 μm. Moreover, EDS
analysis of two characteristic regions in the product surface indicates that the atomic ratios
of Ti:B = 35.2:64.8 and Mg:Al:O = 13.1:28.1:58.8 match well with the stoichiometries of TiB2
and MgAl2O4, respectively.

Figure 7. SEM image and EDS spectra of TiB2/MgAl2O4 composite obtained from the SHS reaction
of Equation (1).

For the final product of B2O3/Al/Mg-based Equation (4), the microstructure and
elemental ratios of the components are presented in Figure 8. As can be seen, MgAl2O4 was
formed as large densified aggregates of around 20 μm and TiB2 crystals were in a short-rod
form with a length of 2–4 μm or in a shape of fine grains of 1–2 μm. Based on the EDS
analysis, the atomic ratio of the selected area in an aggregate is Mg:Al:O = 15.1:30.6:54.3 that
is reasonably close to MgAl2O4. Short-rod crystals have a composition of Ti:B = 34.3:65.7,
which certainly is TiB2.

In summary, the addition of MgAl2O4 into TiB2 enhanced the refractory properties,
such as the high-temperature oxidation and corrosion resistance and thermal shock re-
sistance [10,31,32]. Like many sintering aids, MgAl2O4 as an additive could improve
densification of TiB2 ceramics and reduce sintering temperatures [33,34]. The abnormal
grain growth could be efficiently prevented during the sintering process. As a result, it is
more likely to obtain a uniform grain distribution.

Moreover, the TiB2-MgAl2O4 composite is a promising high-temperature microwave
absorption material with a reflection loss less than –5 dB at 8.2–18.0 GHz in the temperature
range of 25 ◦C to 1100 ◦C [11]. The composite also exhibits an extremely high tolerance
against intense irradiation in harsh environments [35,36]. Therefore, the potential uses of
the TiB2-MgAl2O4 composite might include heat-resistant coatings, nozzles and nose cones
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of supersonic jets, microwave absorption components, diagnostic or detector windows in
fusion devices, target materials in the nuclear applications, etc., [11,35,36].

Figure 8. SEM image and EDS spectra of TiB2/MgAl2O4 composite obtained from the SHS reaction
of Equation (4).

4. Conclusions

In situ formation of 3TiB2–MgAl2O4 composites was conducted by combustion syn-
thesis combined with metallothermic reduction reactions involving Al and Mg as dual
reductants. Thermite reagents with different oxidants were considered; one utilized TiO2
and the other B2O3. The reactant mixtures also contained elemental Ti and boron. This
study in total completed four SHS reactions, within which a small amount of Al2O3 or MgO
was included in the reactive mixture to serve as the combustion moderator and part of the
precursors for the formation of MgAl2O4. The overall synthesis reaction was exothermic
enough to proceed in the SHS mode. An energy-saving and efficient fabrication route for
the formation MgAl2O4-containing composites was demonstrated.

The analysis of combustion exothermicity indicated that the SHS reaction containing
B2O3/Al/Mg-based thermites was more energetic than that adopting TiO2 as the oxidant.
Prior addition of Al2O3 had a greater cooling effect on combustion than that of MgO. De-
pending on different thermites and diluents, the measured combustion front temperatures
ranged from 1320 to 1720 ◦C, and combustion wave velocity from 3.9 to 5.7 mm/s. The
temperature dependence of combustion wave velocity was justified. The XRD analysis
confirmed in situ formation of TiB2 and MgAl2O4. A small amount of MgTiO3 was found as
the impurity. It is believed that MgAl2O4 was synthesized through a combination reaction
between Al2O3 and MgO, both of which can be totally or partially produced from the
metallothermic reduction of B2O3 or TiO2. The microstructure of the synthesized composite
exhibited that MgAl2O4 was surrounded by closely packed TiB2 grains. MgAl2O4 was
formed as densified aggregates with a size of 5–20 μm. TiB2 crystals were produced in a
shape of short rods of 2–4 μm and fine grains of 1–2 μm.
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Abstract: Welding and the behavior of the weldments are important, since welding of high strength
low alloy (HSLA) steels is a conventional method for manufacturing industrial parts. This work
conducts a comparative investigation of microstructural characteristics and mechanical properties
for joints of 16-mm-thick HSLA Q890 steel produced by multi-layer multi-pass shielded metal arc
welding (SMAW) with filler wire and single-layer autogenous laser beam welding (LBW). The
mechanical properties of the welded joints were assessed in terms of tensile and impact using butt
joints. The results show that tensile failure occurred in the base metal during the tensile tests for most
of the trials. The ultimate tensile strength and percent elongation of the LBW welded joint (973.5 MPa
and 10%) are higher than those of the SMAW joint (951 MPa and 2.9%) due to the filler filling process
of the SMAW process. The Charpy impact energy of the weld metal (16.4 J and 15.1 J) is lower than
that of the heat-affected zone (18.5 J and 19.5 J) in the LBW joint and the SMAW joint.

Keywords: HSLA steel; microstructural characterization; laser welding; thick plate

1. Introduction

Welded structures of thick plate are broadly applied to pipelines to transmit gas
and oil in large ships, offshore oil drilling platforms, pressure vessels, shipbuilding [1,2],
bridges and storage tanks, railway components, nuclear power plants, pressure, and naval
vessels [3,4]. HSLA steels have gained widespread use because they exhibit higher strength
and better weldability than conventional high alloy steels [5].

The weldability of HSLA steel is reasonably good due to its reduced carbon equiva-
lent [6]. The equipment used for these processes is quite large, and for medium and heavy
plate thicknesses, workpieces can only be jointed piece by piece using fusion welding
processes, such as submerged arc welding (SAW) [7,8], gas tungsten arc welding (GTAW),
gas metal arc welding (GMAW) [9,10], and SMAW [11]. Arc welding has productivity
limits due to its low penetration depths. Because of this, multi-pass welding is required for
these thick plate structures, which are cut with large-sized single V grooves and require
multi-layer multi-pass arc welding, potentially presenting some disadvantages, such as gas
porosity, slag inclusion, large levels of distortion and residual stress, poor welding quality
defects, and low productivity [12,13]. In addition, other welding processing methods of
HSLA steels joints include electron beam welding (EBW), LBW, and friction stir welding
(FSW). However, the size of parts for EBW is still a challenge because the weld environment
needs to be set in a vacuum chamber, the FSW of thick plates is constrained due to the size
of the rotating tool, and the required rigidity of the welding machine [14–16]. In contrast,
LBW is particularly attractive for innovative and cost-effective applications because of its
high precision, low heat input, narrow weld pool, small welding deformation, and the
narrow width of the heat-affected zone (HAZ) [17,18]. Nevertheless, the application of
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LBW to HSLA steels has not been widely adopted for practical applications due to the short
cooling times after welding [19–21].

Published comparative studies on SMAW and LBW of HSLA steel plates with higher
thicknesses are very scant. The behavior of weldments has been related to microstructural
features [22,23]. Therefore, studying the effect of different welding techniques and their
parameters on thick Q890 HSLA steel is essential. The present study was carried out to
compare the microstructural characteristics and mechanical properties of 16 mm thick Q890
HSLA steel weldment fabricated by SMAW and LBW techniques.

2. Experimental Details

The 16-mm-thick HSLA Q890 steel used in this investigation was provided by Baoshan
Iron and Steel Co., Ltd., (Shanghai, China). The main chemical compositions (in wt.%) of the
steel and X90 filling wire are given in Table 1. The equivalent carbon content (CE) for this
steel grade amounted to about 0.55 according to SS-EN1011-2 [24], indicating a relatively
high hardenability. Its parent microstructure was of a predominantly high temperature
tempering structure of martensite (M). In addition, 200 mm × 200 mm welded blanks were
fabricated by butt welding. LBW equipment consisted of an IPG Photonics 10 kW fiber
laser system (IPG-10000, Burbach, Germany) mounted on a Fronius Transpuls Synergic
5000 wire feeding machine (Fronius, Pettenbach, Austria), and a system of shielding gas
99.99% pure Argon was used as the protective gas, which had a flow rate of 15 L/min. The
laser beam was perpendicular to the steel sheet being welded. The weld geometries and
dimensions are presented in Figure 1a,b. Prior to welding, mechanical polishing of the BM
was performed and the oil on the BM surface was cleaned using acetone.

Table 1. Composition and content of chemical elements in HSLA Q890 and X90 filling wire (wt.%).

C Si Mn Cr Mo Nb V Ni W B P S

Q890 0.18 0.47 1.10 0.78 0.05 0.05 0.07 0.16 0.53 0.01 0.01 0.01

X90 0.10 0.80 1.80 0.35 0.60 - - 2.30 - - - -

Figure 1. Dimensions of grooves shape (a) LBW joint (b) SMAW joint (c) Tensile specimen (d) Charpy
specimen (Unit: mm).
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The LBW experiments were carried out with a laser power of 8 kW, a welding velocity
of 0.3 m/min, and a negative defocusing length of 4 mm.

The welding process of SMAW consisted of six layers and twenty-one passes. The
basic parameters of SMAW were set as: a welding current of 250 A; a welding velocity
of 0.11 m/min; a welding voltage of 28 V. To prevent cracks, the preheating temperature
before welding was 120 ◦C, the inter-pass temperature was strictly controlled below 200 ◦C,
and post-weld heat treatments were adopted. After welding, the weldment was cooled in
air for 20 min, heated to 360 ◦C in 60 min, and kept constant for 30 min in a heat treatment
furnace before being cooled in air.

Nine replications of each level of two joints were made to achieve measurement
accuracy. Out of those, three were selected for tensile tests, four were employed in impact
tests, and two were used for microhardness and microstructure observations. Following
GB/T 228-2002 [25], tensile test specimens were sectioned from the welded blanks, as
presented in Figure 1a,b. Tensile tests were performed on a Zwick/Roell Z100 (Zwick Roell
Group, Ulm, Germany) universal testing facility with a constant strain rate of 1 mm/min at
room temperature. The tensile test recorded for each joint was the average of three trials.
The schematic of tensile test specimens is presented in Figure 1c.

The Charpy V-notch impact tests were performed at −40 ◦C (according to GB/T
229-2007 [26]). Four different test sampling locations in each joint were designed in view
of the effect of the sampling position on the low temperature impact property, as shown
in Figure 1a,b. The absorbed energy value recorded for each joint was the average of four
trials. The schematic of the unstandardized 2.5 × 10 × 55 mm specimen with a V-notch is
presented in Figure 1d.

The metallographic specimens were prepared by cutting along the cross section of
the weld followed by a conventional procedure, such as mounting, grinding, polishing, or
etching. Thereafter, the etched samples were observed using OM (Leica DM4000 M LED,
Leica Camera, Wetzlar, Germany). Microstructures of the unetched cross sections were
characterized by using SEM (JEOL JSM-7800F Prime, JEOL Ltd., Tokyo, Japan) with EDX.

Vickers microhardness tests (Zwick/Roell ZHμ, Zwick Roell Group) were utilized at
the mid-thickness of the weld cross section to evaluate the microhardness of the weld metal
(WM) and HAZ. According to ASTM:E384, an indentation load of 500 g with a dwell time
of 15 s was employed for each test.

3. Results and Discussion

3.1. LBW Weld Microstructure

The HAZ can be described by four subzones at a fine-grained level: the coarse-grained
heat affected zone (CGHAZ); the fine-grained heat affected zone (FGHAZ); the two-phase
zone (TPZ); and the over-tempering zone (OTZ) in detail. The definition of each zone is as
follows: the fusion line is used as the boundary between the weld metal (WM) and HAZ;
the boundary between the CGHAZ and the FGHAZ is about 10 μm in width with obvious
grain size growth; the boundary between the FGHAZ and the TPZ is where the tempered
sorbite of the base metal (BM) disappears; the boundary between the TPZ and the OTZ is
based on the disappearance of white striped microstructures and the appearance of obvious
granular carbides. Each zone width was calculated using the average width method that
was equal to the zone area divided by its thickness using Image-Pro Plus software: IPP 7.0.

Figure 2a shows the optical morphology of the LBW joint. It can be seen that the weld
morphology is good without any obvious defects. Although the carbon equivalent (0.55%)
of the Q890 HSLA steel is a little higher, the LBW performance of the welded joint had been
greatly improved by the preheating treatment before welding. It can also be seen that the
maximum and minimum bead width of LBW are about 9.5 mm and 3.6 mm, respectively.
The maximum and minimum bead width of the HAZ are 4 mm and 2.2 mm, respectively,
and its average bead width is 2.9 mm. The weld penetration is about 13 mm. The LBW
weld can be divided by 1© WM, 2© CGHAZ, 3© FGHAZ, 4© TPZ, 5© OTZ, and 6© BM.
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Figure 2. Optical morphology of joints (a) the LBW (b) the SMAW.

1© Weld Metal
In the LBW joint, the weld seam was formed by the solidification of partial base metal

after high temperature melting. It was mainly composed of a certain amount of equiaxed
crystal phases surrounded by coarse columnar crystal phases. The columnar crystal phases
grew along the perpendicular direction to the side wall of the molten pool from the base
metal to the weld seam, as shown in Figure 3. The width of columnar crystal phases is
about 10 μm, and their maximum length can be greater than 200 μm. The mechanical
properties of the joint significantly decreased because of the existence of the columnar
crystal phases. The WM was mainly composed of ferrite (F) and bainite (B). The ferrite
was mainly proeutectoid ferrite, which is an important component of columnar crystal
phases, while the equiaxed crystal phases were almost entirely composed of polygonal
ferrite phases. In addition, there were a few acicular ferrite phases and a certain amount of
martensite phases. Acicular ferrite phases formed with some inclusions as the core and
most martensite phases were distributed in the fusion line, at the root or top of the weld
due to faster cooling rate.

 
Figure 3. Microstructure of WM of the LBW joint (a) Macro-photo in weld center area (b) Columnar
crystal (c) Equiaxed crystal (d) Ferrite (F) and bainite (B).
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2© Coarse-Grained Heat-Affected Zone
The CGHAZ is adjacent to the WM, and its higher peak temperature of the thermal

cycle ranges from 1100 ◦C to the liquidus temperature. The austenite phases can stay in this
temperature range for a long time and dramatically grow, and then form larger overheating
phases during cooling, which can worsen the mechanical performance of the whole joint.
The average grain size of the CGHAZ can reach about 50 μm; even 100 μm for the grains
near to the fusion line.

The microstructure features of the CGHAZ are closely related to the heat input. When
the heat input increases, acicular ferrite begins to gradually form in the CGHAZ. Acicular
ferrite with low hardness and good toughness can significantly improve the impact behavior
of the CGHAZ. If the heat input keeps increasing and the cooling rate decreases, polygonal
ferrite phases will increase and acicular ferrite will decrease. Meanwhile, there is a small
amount of pearlite that can possibly appear in this area.

Due to the lower heat input and faster cooling rate, there are more and more strip-
shape bainite, ferrite, and low-carbon martensite phases formed in the CGHAZ. Most of
the strip-shape phases initially form from the original austenite grain boundary and grow
toward the crystal at a certain angle; each strip maintains a certain phase relationship and a
fine structure inside the strip. With lower heat input (9.6 kJ/cm) in the LBW, the internal
phases in the CGHAZ are low-carbon martensite and a few bainite and ferrite, as shown in
Figure 4.

 

Figure 4. Microstructure of the CGHAZ of the LBW joint (a) CGHAZ close to fusion line (b) Martensite
and bainite (c) CGHAZ far from fusion line (d) Martensite and ferrite. F: ferrite; M: martensite; B:
bainite.

3© Fine-Grained Heat Affected Zone
During the LBW process, for the FGHAZ, the peak temperature of the welding thermal

cycle is between 1100 ◦C and AC3 temperature, and its mechanical properties performance
is the best out of all the weld joints. The reason for this is that the microstructure in
the FGHAZ undergoes a recrystallization and new grain refinement during heating and
cooling; more fine grains can be obtained, which is equivalent to the base metal normalized.
In general, most grain sizes of the fine grains are less than 10 μm. Observed under a high
magnification microscope, the microstructure of the FGHAZ can be described by some finer
martensite, bainite, and few fine carbides precipitated between ferrite blocks, as shown in
Figure 5.
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Figure 5. Microstructure of the FGHAZ of the LBW joint (a) Macro-photo of the FGHAZ (b) Micro-
photo of the FGHAZ (c) Ferrite and bainite (d) Carbides in the FGHAZ. F: ferrite; M: martensite;
B: bainite.

4© Two-Phase Zone
The range of the TPZ in the LBW joints is wider (especially in the center of the joint),

and its peak temperature of the welding thermal cycle is between AC3 and AC1. During
this temperature range, only partial base metal can obtain sufficient heat to finish phase
transformation and form complex phases based on sorbite and the partial transformation
structure.

It can be seen from Figure 6a,b that there are some obvious striped microstructures
in the TPZ. The reason for these striped microstructures is due to interlacing ferrite and
other phases along the deformation direction when heating. The appearance of striped
microstructures makes the steel anisotropic, and has a negative effect on the mechanical
properties of the steel. In the base metal, there are few striped microstructures can be
less obviously seen. However, striped microstructures can be easily found after welding
because the secondary cementite of the austenite with partial phase transformation in the
TPZ precipitates along the original strip direction and forms duplex phases of ferrite and
cementite. These striped microstructures can be seen more clearly due to their own fine
structures, making most of the incomplete phase transformation turn black after corrosion.

The striped microstructures in the TPZ are shown in Figure 6c,d, under the scanning
electron microscope. The black part is similar to the tempered sorbite duplex phase, which
is mainly composed of striped ferrite, carbides, and few polygonal ferrite. However, there
are more granular carbides among the ferrite phases, and black striped microstructures
increase with the precipitation of carbides, which results in a finer microstructure and
a stronger black color. The white part of the striped microstructures is mainly irregular
tangled ferrite bands and a few precipitated carbides. Compared with the black part, this
part looks white and its hardness is lower due to obvious ferrite characteristics; the reason
is that when carbon-poor austenite reaches the austenitizing temperature, there are more
proeutectoid ferrite precipitated, and then ferrite and cementite are precipitated, which
results in the formation of some complex ferrite morphologies.
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Figure 6. Microstructure of the TPZ of the LBW joint (a) Segregation band in the TPZ (b) Microstruc-
ture of the segregation band in SEM (c) Microstructure in black part (d) Microstructure in white part.
F: ferrite.

5© Over-Tempering Zone
Due to the OTZ being far away from the WM, its lower peak temperature of the weld-

ing thermal cycle is not more than AC1 and its cooling speed for welding is less. Therefore,
the base metal in the over tempered zone does not undergo austenitizing transformation
in the welding thermal cycle; it seems to be double tempered at higher temperature than
that of the quenching and tempering. The higher temper temperature is beneficial for the
carbide particles to aggregate and grow up in this area, which results in more formations
of polygonal ferrite phases, which weaken the microhardness. Therefore, the OTZ has a
significant responsibility for the softening of the welded joint.

From the discussion of the OTZ in the welded joint, it can be observed that there are
more granular carbides dispersed on the ferrite matrix; these granular carbides probably
originate from the sorbite phase carbides in the base metal, where they aggregate and grow
up and are distributed on the ferrite grain boundary after double tempering, as shown in
Figure 7. The area with more coarse granular carbides is black, while the polygonal ferrite
phase is white. In the OTZ, there are more carbides precipitated, grown, and coarsened,
which causes the hardness of the OTZ to decrease. Therefore, it is the most softened zone
in the whole welded joint.

In order to figure out the phase constituents of the joint softening zone, EBSD was used
and the results are shown in Figure 8. The EBSD results show that the Fe3C fraction of the
phase constituents is 0.77% and much higher, as shown in Table 2. The reason is that there
is no post-weld heat treatment after welding, which results in some residual stress in the
welded joint; the lower resolution rate is 75.23%. The face-centered cubic (FCC) austenite
fraction of the phase constituents is only 0.01%, which means that the amount of retained
austenite in the laser-welded joint is very small, and the body-centered cubic (BCC) ferrite
fraction of the phase constituents is 74.44%. According to the previous analysis, this zone
consists of some polygonal ferrite and few sorbite phases. These polygonal ferrite phases
are responsible for the hardness decreasing.
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Figure 7. Microstructure of the OTZ of the LBW joint (a) Microstructure in the OTZ (b) SEM in the
OTZ (c) Polygonal ferrite (d) Carbides on ferrite grain boundaries. F: ferrite.

 

Figure 8. Results of EBSD in the OTZ of the LBW joint (a) Location of EBSD (b) Phase distribution.

Table 2. Phase content in the OTZ of the LBW joint.

Phase Content FCC BCC Fe3C
Unidentified
Resolution

Phase percentage 0.01 74.44 0.77 24.77
Phase count 3 16749 174 5574

3.2. SMAW Weld Microstructure

Figure 2b shows the microstructure of the whole arc welded joint. It can be seen that
21 passes of SMAW were need to fill the V-groove for 16-mm thick weldment. The heat
input was higher than 16.4 kJ/cm and the maximum bead width was approximately 30 mm.
The joint morphology was good and the maximum bead width was about 30 mm; the
average width of HAZ between the BM and the WM was nearly 2.5 mm; while the width
of HAZ in the inner WM was only 0.5 mm. This can be explained by the fact that the HAZ
is produced by reheating the previous part of the weld with the following weld in the
area where the welds overlap with each other. The formation of HAZ leads to the change
in microstructure, which in turn has an impact on the performance of the joint. Finally,
the typical solidification structure, such as the columnar crystal and the equiaxed crystal,
appears in each layer and in each pass; most of them are the column crystal.
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The microstructure in the SMAW joint is almost similar to that in the LBW joint
overall. However, if a higher heat input (16.4 kJ/cm) and slower cooling rate were used,
the microstructure in the SMAW joint would show some differences that the LBW joint
would not have. The following discussion focuses on the microstructure differences of the
WM and HAZ.

In the multi-layer multi-pass SMAW, there are many HAZs that are heated many times
in the WM, which results in obvious secondary HAZs existing among each layer and each
pass of the WM, as shown in Figure 9a. The reason for this is similar to the formation of
the black microstructures in the TPZ of the LBW HAZ. Due to the higher heat input and
slower cooling rate, carbides in the secondary HAZ have sufficient time to precipitate and
grow up among each layer of the WM, forming complex phases of ferrite and cementite
with finer microstructures and a darker color. Figure 9c is a local magnification photo of
Figure 9a. The typical secondary HAZ and WM can be easily seen in the 2-mm weld pass.
The WM is mainly composed of equiaxed crystal and columnar crystal phases, and the
equiaxed crystal phases are composed of some acicular and polygonal ferrite and bainite.
The columnar crystal is mainly made up proeutectoid ferrite and bainite ferrite, as shown
in Figure 9c. The size of the equiaxed crystal phase is around several microns, and the
width of the columnar crystal phase is 150 μm; the width of the black secondary HAZ is
almost 250 μm. Typical bainite ferrite clusters can be seen in the equiaxed crystal phase in
Figure 10b; the length of ferrite is 70 μm and the width is 3 μm.

 
Figure 9. Microstructure of SMAW joint (a) Macro-photo in weld metal (b) Bainite ferrite in weld
metal (c) Equiaxial and columnar crystals (d) Equiaxial crystals. F: ferrite; B: Bainite.

The HAZ of the SMAW is also composed of a CGHAZ, a FGHAZ, a TPZ, and an
OTZ. The grain size of the CGHAZ is nearly 100 μm and consists of coarse martensite
and bainite. Because of the higher heat input and slower cooling rate, most phases of the
CGHAZ are bainite with a few polygonal ferrite. In Figure 10, the grain size in the FGHAZ
is nearly 10 μm. The TPZ consists of some duplex microstructures and ferrite phases. The
more the HAZ is away from the WM, the lower the decrease in the peak temperature and
cooling rate of the thermal cycle, and the less carbide precipitate. The precipitated carbide
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is discontinuously distributed and becomes a tempered sorbite phase when it reaches the
TPZ. In view of the post-weld heat treatment, it is not easy to find black and white striped
phases of the TPZ in SMAW.

 

Figure 10. Microstructure in HAZ of SMAW joint (a) Macro-photo in HAZ (b) Chain-distribution of
carbides in HAZ (c) OTZ (d) OTZ close to BM. F: ferrite; M: martensite; B: bainite.

The total heat input of the SMAW with filler wire was greater than that of the LBW;
the difference in microstructure resulted in different performances of their mechanical
properties. The comparison results are shown in Table 3.

Table 3. Microstructure comparison between two processes.

Welded Joint OTZ TPZ FGHAZ CGHAZ WM

LBW (9.6 kJ/cm) multipase +
polygon F multipase + band F Fine M + B + few F Coarse M + B F + B + few M

SMAW (16.4 kJ/cm) unobvious unobvious band Majority B + F, few M Majority B, few F F + B,
Complex

Meanwhile, the differences in microstructure can be described through the content of
phases and the width of each zone in particular. In order to find the difference between
each welding, the abovementioned average statistical method was used and the statistical
results are shown in Figure 11.
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Figure 11. Dimensions of each zone in different welding joints.

The results show that significant differences between two joints are as follows:
The joint weld by multi-layer multi-pass SMAW results in more complex microstruc-

tures and double-HAZ, which are composed of some black duplex phases, like those of
the two-phase zone, and there are much more proeutectoid ferrite phases in the WM. The
average bead widths of the LBW joint and the SMAW joint are 4.2 mm and 15.4 mm, respec-
tively. The average bead width of the LBW is significantly smaller than that of the SMAW.
The performance of mechanical properties in the WM is always poorest in the whole joint.
The decrease in bead width in LBW is helpful in order to improve the performance of the
whole welded joint.

There is minor difference in the width of the CGHAZ and the FGHAZ for the two
joints. The difference is that there is more bainite phases in the CGHAZ and the FGHAZ in
the SMAW joint, and several chained carbide particles along the grain boundary; the most
probably reason for this is the larger heat input used.

The TPZ is not obvious and its width is 0.8 mm in the SMAW joint, while the width in
the LBW joint can reach 1.5 mm, or even more than 2.5 mm, and the performance of the
TPZ is slightly lower than that of the base metal. Therefore, the performance of the LBW
joint could worsen due to its wider TPZ.

The width of the OTZ in the two joints are almost same and equal to 0.4 mm. The
microstructure has no obvious change and it has improved to a degree because of the
overheating treatment in the SMAW. However, it is not good for the performance of the
OTZ to improve the LBW without any post-weld heat treatment.

3.3. Mechanical Properties

• Microhardness test results

In Figure 12a, the microhardness variations across the middle of the SMAW joint
are presented. The hardness of the BM is about 360 HV0.3, which is similar to that of the
LBW, indicating that post-weld heat treatment had little effect on the hardness of the BM.
Because of multi-layer and multi-pass welding, the transverse hardness fluctuation of
the arc-welded joint is obvious. It can be seen that the whole hardness spot experienced
four weld bead ups and downs, and each weld bead had some degree of hardening and
softening, but due to the effect of post-weld heat treatment, the hardening and softening
effect was not obvious. The highest hardness is 430 HV0.3 in the HAZ between each
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pass, which is about 30 HV0.3 lower than that of the LBW joint, which is the result of the
post-weld heat treatment.

Figure 12. Vickers microhardness distributions (a) Hardness area of the SMAW joint (b) Hardness
area of the LBW joint.

Figure 12b depicts the Vickers microhardness variations across the middle of the LBW
joint. The hardness of the BM is about 360 HV0.22, and the WM are formed by the remelting
of the BM. Because the WM had not undergone any post-weld heat treatment, its hardness
is higher than that of the BM, which is about 400 HV0.22. There is a certain degree of
softening in the OTZ; the lowest hardness is only 334 HV0.22, and the width of the whole
softening zone is about 1.2 mm.

• Tensile test results

The stress–strain curves for the LBW and SMAW joints are shown in Figure 13, and the
average values of the tensile tests for the LBW and SMAW joints are summarized in Table 4.
The average yield strength Rp0.2, the average ultimate tensile strength Rm, and the average
elongation A of LBW joints are 898 MPa, 973.5 MPa, and 10%, respectively. Compared
to those of the LBW joints, the decline in the average yield strength (896 MPa) and the
average ultimate tensile strength (951 MPa) in the SMAW joints is not glaring, except that
the average elongation (2.9%) dramatically decreases. It could be that increasingly more
weld microstructures are involved in the tensile behavior from the root of the weld to the
top of the SMAW joint, resulting in a smaller elongation of the tensile coupon. In Table 4, it
can be found that the fracture of most of specimens occurred in the BM for the LBW and
SMAW joints; only one fracture occurred in the WM of LBW joint due to weld defects.

Table 4. Results of tensile test.

Welding Joint Notch Position
Impact Energy (J, −40 ◦C)

1© 2© 3© 4©
BM BM 32.21 unbroken unbroken 30.59

LBW
WM 15.40 3.16 17.66 16.23
HAZ 14.92 24.10 19.82 20.87

SMAW
WM 13.46 16.96 15.84 14.37
HAZ 20.40 19.52 18.86 31.96
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Figure 13. Stress–strain curves of the joints (a) the SMAW (b) the LBW.

• Impact test results

Table 5 depicts results of the impact tests at −40 ◦C, showing that the Charpy impact
energy of the WM (16.4 J) is less than the HAZ (18.5 J) samples employed in the LBW joints.
Additionally, the Charpy impact energy of the WM (15.1 J) is significantly less than the
HAZ (19.5 J) for all SMAW samples. The Charpy impact energy of the WM for the SMAW
samples is lower than that of the LBW samples. The presented post-weld heat treatment in
the SMAW process could influence part of the HAZ and improve HAZ toughness. Because
of this, the Charpy impact energy of the HAZ for the SMAW samples is a little higher than
that of the LBW samples.

Table 5. Results of the Charpy impact test.

Sample Position E (GPa) Rp0.2 (MPa) Rm (MPa) A (%) Fracture Position

LBW
top 175 901 969 9.3 BM

middle 189 896 935 2.0 WM
bottom 198 895 978 10.7 BM

SMAW
top 193 900 955 1.4 BM

middle 170 894 950 2.8 BM
bottom 175 895 948 4.5 BM

Additionally, the prescribed table values came from the unstandardized impact spec-
imens (2.5 × 10 × 55 mm) compared to ISO standard samples (10 × 10 × 55 mm); an
equivalent Charpy impact energy value is equal to the presented value multiplies 2 or
4 [27]. Therefore, even though the minimum value of the WM for the SMAW sample is
equivalent to 26.92 J, it meets the requirement for the Charpy impact energy value (27 J).

Figure 14 shows the impact fracture photo of the WM of the LBW joint. From
Figure 14a, it can be seen that there is almost no fiber area, the fracture surface is rela-
tively flat, and pits occasionally exist, showing brittle fracture characteristics. Figure 14b
is an enlarged view of the fracture fiber area. It can be seen that there are relatively few
dimples and a pore with a size of 10 μm. Figure 14c is the morphology of the fiber region
at higher magnification, and dimples vary in size between 0.5–3 μm. Figure 14d shows a
high-magnification dimple photo in the radiative region, where the shear characteristics
are more significant compared with Figure 14c. On the whole, the fracture impact energy
of the WM is low, with 11.50 J, and the mode of failure is brittle.
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Figure 14. The WM impact fracture surface morphology (a) Macro-morphology (b) Fiber area
morphology (c) Dimples details in fiber area (d) Dimples details in radiation area.

4. Conclusions

In the present work, the mechanical properties and microstructural features of SMAW
and LBW welded joints for 16-mm-thick HSLA Q890 steel were discussed. The microhard-
ness of the welded joint results showed that the LBW was slightly higher than the SMAW,
meaning that the post-weld heat treatment associated with the SMAW process can improve
microhardness. Furthermore, the tensile results showed that tensile failure occurred in the
base metal; the ultimate tensile strength and percent elongation of the LBW welded joint
(973.5 MPa and 10%) were higher than those of the SMAW joint (951 MPa and 2.9%) due to
the filler filling of the SMAW process. Finally, the impact results showed that the Charpy
impact energy of the weld metal (16.4 J and 15.1 J) was lower than that of the heat-affected
zone (18.5 J and 19.5 J) in the LBW joint and the SMAW joint.
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16. Šebestová, H.; Horník, P.; Mrňa, L.; Doležal, P. Microstructure and mechanical properties of hybrid LasTIG welds of HSLA steel.
Procedia CIRP 2018, 74, 743–747. [CrossRef]

17. Coelho, R.S.; Corpas, M.; Moreto, J.A.; Jahn, A.; Standfuß, J.; Kaysser-Pyzalla, A.; Pinto, H. Induction-assisted laser beam welding
of a thermomechanically rolled HSLA S500MC steel: A microstructure and residual stress assessment. Mater. Sci. Eng. A 2013,
578, 125–133. [CrossRef]

18. Moshtaghi, M.; Loder, B.; Safyari, M.; Willidal, T.; Hojo, T.; Mori, G. Hydrogen trapping and desorption affected by ferrite grain
boundary types in shielded metal and flux-cored arc weldments with Ni addition. Int. J. Hydrog. Energy 2022, 47, 20676–20683.
[CrossRef]

19. Yang, J.; Oliveira, J.; Li, Y.; Tan, C.; Gao, C.; Zhao, Y.; Yu, Z. Laser techniques for dissimilar joining of aluminum alloys to steels: A
critical review. J. Mater. Process. Technol. 2022, 301, 117443. [CrossRef]

20. Yang, J.; Su, J.; Gao, C.; Zhao, Y.; Liu, H.; Oliveira, J.P.; Tan, C.; Yu, Z. Effect of heat input on interfacial microstructure, tensile and
bending properties of dissimilar Al/steel lap joints by laser Welding-brazing. Opt. Laser Technol. 2021, 142, 107218.

21. Ali, M.; Khosravifard, A.; Hamada, A.; Mattar, T.; Eissa, M.; Kömi, J. Promotion of thermomechanical processing of 2-GPa
low-alloyed ultrahigh-strength steel and physically based modelling of the deformation behaviour. Mater. Sci. Eng. A 2023, 867,
144747. [CrossRef]

22. Khalaj, G.; Nazari, A.; Pouraliakbar, H. Prediction of martensite fraction of microalloyed steel by artificial neural networks. Neural
Netw. World 2013, 23, 117–130. [CrossRef]

23. Khalaj, G.; Yoozbashizadeh, H.; Khodabandeh, A.; Tamizifar, M. Austenite grain growth modelling in weld heat affected zone of
Nb/Ti microalloyed linepipe steel. Mater. Sci. Technol. 2014, 30, 424–433. [CrossRef]

24. SS-EN 1011-2; Welding—Recommendations for Welding of Metallic Materials, Part 2: Arc Welding of Ferritic Steels. Beuth Verlag
GmbH: Berlin, Germany, 2001.

25. GB/T228-2002; Metallic Materials—Tensile Testing at Ambient Temperature. China Standard Press: Beijing, China, 2002. (In Chi-
nese)

243



Materials 2023, 16, 2212

26. GB/T 229-2007; Metallic Materials—Charpy Pendulum Impact Test Method. China Standard Press: Beijing, China, 2007.
(In Chinese)

27. Cao, S.J. Study on equivalent ratio of absorbed energies from Charpy impact tests for specimens of different sizes. Heat Treat.
2010, 25, 60–64.

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

244



Citation: Peng, Z.; Li, B.; Luo, Z.;

Chen, X.; Tang, Y.; Yang, G.; Gong, P.

A Lightweight AlCrTiV0.5Cux

High-Entropy Alloy with Excellent

Corrosion Resistance. Materials 2023,

16, 2922. https://doi.org/

10.3390/ma16072922

Academic Editor: Elena Villa

Received: 28 February 2023

Revised: 28 March 2023

Accepted: 4 April 2023

Published: 6 April 2023

Copyright: © 2023 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

materials

Article

A Lightweight AlCrTiV0.5Cux High-Entropy Alloy with
Excellent Corrosion Resistance

Zhen Peng 1,*, Baowei Li 1, Zaibin Luo 1, Xuefei Chen 1, Yao Tang 2, Guannan Yang 3,* and Pan Gong 4

1 School of Materials Science and Engineering, Jiangsu University, Zhenjiang 212013, China
2 China Steel Development Research Institute, No.95 Longfusi Street, Dongcheng District,

Beijing 100009, China
3 State Key Laboratory of Precision Electronic Manufacturing Technology and Equipment, Guangdong

University of Technology, Guangzhou 510006, China
4 State Key Laboratory of Materials Processing and Die & Mould Technology, School of Materials Science and

Engineering, Huazhong University of Science and Technology, No. 1037 Luoyu Road, Wuhan 430074, China;
pangong@hust.edu.cn

* Correspondence: peng@ujs.edu.cn (Z.P.); ygn@gdut.edu.cn (G.Y.)

Abstract: Lightweight high-entropy alloys (HEAs) are a new class of low-density, high strength-
to-weight ratio metallic structural material. Understanding their corrosion behavior is crucial for
designing microstructures for their practical applications. This work investigates the electrochemical
corrosion behavior of lightweight HEAs AlCrTiV0.5Cux (x = 0, 0.2, 0.4, 0.6, 0.8, and 1.0) in a 0.6 M
NaCl solution. These HEAs were produced by vacuum arc melting. In contrast to 304L stainless
steel, all of the alloys exhibited lower current density levels caused by self-corrosion, with AlCrTiV0.5

demonstrating the highest corrosion resistance (0.131 μA/cm2). Corrosion resistance decreased
along with the content of copper because copper segregation accelerated local corrosion throughout
the alloy.

Keywords: corrosion resistance; high entropy alloys; microstructure; lightweight

1. Introduction

High-entropy alloys, also known as HEAs, are generally composed of five or more
elements in equimolar or near-equimolar ratios. These alloys are stable in a disordered solid
solution state owing to a high mixing entropy [1,2]. Over the past twenty years, there has
been an explosion of interest in a novel concept of alloy design that allows for the creation
of materials with superior mechanical or physical properties. These properties include high
yield strengths, ductility, and fracture toughness, in addition to superior high-temperature
oxidation resistance and corrosion resistance. As a result of these features, HEAs have
found applications in a huge range of different fields [3–13].

However, despite the application potential being high, the high density of many
HEAs greatly inhibits the actual deployment of these applications. For example, the
density of a CoCrFeNiMn HEA is 8.1 g/cm3, while the density of refractory high-enthalpy
alloys (HEAs) is more than 10 g/cm3. Both of these HEAs have a mass density that
is higher than that of steel, which has a density of 7.9 g per cubic centimeter. For the
purpose of increasing the effectiveness of systems that convert energy, it is necessary
to reduce the weight. This necessitates the use of building and engineering materials
that have a low density [14–20]. Recent studies have shown a significant interest in the
development of high-entropy alloys that are also lightweight. While making lightweight
HEAs, it is common practice to incorporate significant amounts of light components
such as aluminium, titanium, magnesium, and lithium. The incorporation of Al (also for
the purpose of alloy strengthening) changes the phase composition and microstructure
of HEAs to produce a multiphase microstructure that can include FCC, BCC, and B2
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structures [21,22], and the incorporation of Ti can easily lead to the production of secondary
phases. Single-phase equiatomic AlCrTiV HEA has a low density of 5.06 g/cm3 and a
hardness of 498 HV. The AlCrTiV quaternary system was selected by Huang et al. [23],
who further increased the material’s hardness by including lightweight microalloying
components. Microalloyed AlCrTiV alloys have a maximum hardness of 710 HV and a
density of around 4.5 g per cubic centimeter. In addition to their mechanical advantages,
high-performance additives provide excellent resistance to corrosion, which is an important
factor in the application of engineering and structural materials.

The microstructure, alloying components, and production procedure of lightweight
HEAs are the primary factors that decide the corrosion behavior in general. Tseng and col-
leagues [24] have developed a lightweight HEA material with the formula Al20Be20Fe10Si15Ti35
that has a low density of 3.91 g/cm3 and a high hardness of 911 HV. At temperatures of
700 and 900 ◦C, the alloy had an oxidation resistance that was remarkable and was much
superior to that of Ti6Al4V. Ji et al. [25] conducted a study in which they manufactured a
low-cost Al35Mg30-xZn30Cu5Six HEA that had a low density. They found that the resistance
of as-cast alloys to corrosion in a solution containing 3.5 wt% NaCl may be improved by
increasing the Si/Mg ratio. They also found that corrosion occurred primarily at the grain
boundaries and gradually spread into the eutectic and intermetallic phases that included
magnesium. This was a new finding for them. According to the findings of Qiu et al. [26],
AlTiVCr HEA exhibited remarkable resistance to corrosion in 0.6 M NaCl, much higher
than that of pure Al and 304SS.

It is possible to improve the qualities of a material by designing the formation of
secondary phases and intermetallic phases inside the substance. The same strategy for
strengthening materials, namely alloying, was used in the development of HEAs. The
addition of Cu to HEAs is a practical method that may be used to achieve improved
properties [15,27]. Yet, when exposed to aqueous environments, the heterogeneous mi-
crostructures of HEAs have the potential to cause localized corrosion. It is very necessary
to investigate the impact that Cu concentration has on the corrosion resistance of HEAs
in order to guarantee the consistency of industrial applications. In this study, lightweight
HEAs made of AlCrTiV0.5Cux were created by vacuum arc melting. Their electrochemical
corrosion behavior in 0.6 M NaCl solution, composition homogeneity, and multi-scale
microstructure were investigated.

2. Experimental Materials and Methods

2.1. Material Preparation

The AlCrTiV0.5Cux lightweight HEAs were manufactured in a graphite crucible by the
process of vacuum arc melting under the protection of an Ar atmosphere. We picked raw
minerals that had an extremely high level of purity, such as aluminum (99.5%), chromium
(99.95%), titanium (99.95%), vanadium (99.95%), and copper (99.95%). Each sample was
remelted at least six times in an ingot to ensure that the chemical composition remained
consistent throughout the melting process and to decrease the amount of oxidation that
occurred. A specimen measuring 5 mm × 5 mm × 5 mm was extracted from the selected
area in the middle of the ingot by using a wire cutter that was coupled to an electric
discharge machine. Every sample was given a grit-2000 grinding on SiC sandpaper before
being subjected to ultrasonic cleaning in ethanol.

2.2. Microstructural Characterization

In order to determine the phase structure of the samples, a Rigaku SMARTLAB9 X-ray
diffractometer was used with Cu-Kα radiation across a range of 10◦ to 90◦ and at a scanning rate
of 10◦/min. The microstructure and corrosion morphologies were investigated using scanning
electron microscopy (SEM) and X-ray energy dispersive spectroscopy (EDS), respectively.
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2.3. Electrochemical Corrosion Measurements

Electrochemical corrosion tests were carried out at a temperature of 25 ◦C in 0.6 M
NaCl in the presence of air. In order to carry out these measurements, a diamond polishing
paste with particles of 1.5 μm in size was applied to specimens that had a cross-sectional
area of 0.25 cm2. Using a CHI760 electrochemical workstation that was supplied with a
standard three-electrode setup, polarization curves and electrochemical impedance spectra
(EIS) were measured. The corroded samples were used as working electrodes, a AgCl
electrode was used as the reference electrode, and a sheet of platinum was used as the
counter electrode in this experiment. The open circuit potential (OCP) was monitored for
a period of thirty minutes prior to the EIS and polarization studies in order to guarantee
a consistent potential for the duration of the tests. The EIS measurements were collected
with a potential amplitude of 5 mV and with frequencies ranging from 100 kHz to 10 MHz.
Potentiodynamic polarization curves were obtained with a scan rate of 3 mV/s, with a
starting potential of −0.9 VSHE and an ending potential of 1.1 VSHE. In order to guarantee
the accuracy of the results, more than three measurements were obtained for each different
test situation. When the potentiodynamic polarization studies were finished, the samples
were wiped clean with ethanol and then left to dry in the air. When the electrochemical
tests were completed, the surface morphology of the samples was analyzed using a field
emission scanning electron microscope (FEI Nova Nano450) (FESEM).

3. Results and Discussion

3.1. Microstructure Characterization

Cu has a positive binary enthalpy of mixing and relatively high valence electron
concentration (VEC) with other constitutional elements. Figure 1 shows that the mixing
enthalpy, VE, and mixing entropy ΔSmix of the AlCrTiV0.5Cux HEAs increased with the
increase in Cu content, while the atomic size difference δ decreased with Cu addition.
Hence, the microstructure and phase stability of AlCrTiV0.5Cux HEAs may vary with the
composition. Cu tends to segregate out of the matrix due to a positive binary enthalpy of
mixing of Cu with other constitutional elements. The AlCrTiV0.5Cux HEAs have a relatively
large atomic size difference. Based on the solid-solution phase formation rules of high
entropy alloys [28], there are probably ordered phases such as intermetallic compounds
in the matrix. According to the VEC criterion [29], the phase composition of AlCrTiV0.5
is mainly BCC phase. The content of FCC phase increases with the addition of Cu, and
AlCrTiV0.5Cu is mainly FCC phase. Figure 2 shows XRD patterns of AlCrTiV0.5Cux samples.
In summary, with the addition of Cu, the phase composition of AlCrTiV0.5Cux HEAs may
gradually change from BCC phase to FCC phase, and there may be intermetallic compounds.
The segregation of Cu between grains increases with the copper content.

Figure 3 shows the SEM images of the AlCrTiV0.5Cux lightweight HEAs. AlCrTiV0.5
exhibits a typical equiaxed crystal structure with uniform composition and without obvious
precipitation phases. With the addition of Cu, the alloys AlCrTiV0.5Cu0.2, AlCrTiV0.5Cu0.4,
AlCrTiV0.5Cu0.6, and AlCrTiV0.5Cu0.8 show an equiaxed dendritic structure with more
obvious grain boundaries. Moreover, the grain size gradually decreased with increasing
Cu content, When the Cu content is further increased, AlCrTiV0.5Cu shows a non-equiaxial
dendritic structure with a further reduction in grain size. We presented the X-ray diffraction
pattern of lightweight AlCrTiV0.5Cux HEAs in a previous work [15].
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Figure 1. Variation in (a)VEC; (b) mixing enthalpy ΔHmix; (c) mixing entropy ΔSmix; (d) atomic size
difference δ versus Cu content x(x = 0, 0.2, 0.4, 0.6, 0.8, 1) calculated for the AlCrTiV0.5Cux lightweight
HEAs.

 

Figure 2. XRD patterns of AlCrTiV0.5Cux lightweight HEAs.
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Figure 3. SEM micrographs of the AlCrTiV0.5Cux lightweight HEAs. (a) x = 0; (b) x = 0.2; (c) x = 0.4;
(d) x = 0.6; (e) x = 0.8; (f) x = 1.0.

Further in-depth research on the elemental composition and dispersion of lightweight
AlCrTiV0.5Cux HEAs was conducted. The EDS maps of an enlarged portion of the samples
are shown in Figure 4 (which shows both the grains and grain borders). The findings
indicate that the components are dispersed throughout the samples in an even manner on
a microscopic scale. Since Cu is missing, there is no segregation of the elements, and they
are all distributed in the same manner. Nevertheless, the results of the XRD investigation
reveal that the segregation gets more prominent with increasing Cu concentration. This
results in the development of an Al-Ti-Cu-rich HCP phase as well as a V-Cr-rich FCC phase.
The inclusion of copper is largely responsible for this kind of alloy having the dendritic
structure that is so distinctive in other alloys of this type.

 

Figure 4. Cont.
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Figure 4. Elemental EDS mapping of AlCrTiV0.5Cux lightweight HEAs. (a) x = 0; (b) x = 0.2; (c) x = 0.4;
(d) x = 0.6; (e) x = 0.8; (f) x = 1.0.

3.2. Electrochemical Corrosion Behavior in NaCl solution

The potentiodynamic polarization curves of the AlCrTiV0.5Cux lightweight HEAs
in 0.6 M NaCl solution are shown in Figure 5 and the results of the calculations used to
determine the electrochemical corrosion parameters are shown in Table 1. The open-circuit
potential of a material is referred to as its corrosion potential, or Ecorr. It is possible to
determine the corrosion rates of materials by utilizing the corrosion current density (Icorr).
In order to calculate Icorr from the Tafel diagram, the linear portion of the polarization
curve located close to Ecorr. is extrapolated. It is clear from both the fitting parameters
and the potentiodynamic polarization curves of the alloys that, as the concentration of
copper increases, the corrosion current density (Icorr) also increases, but the resistance
to corrosion decreases. AlCrTiV0.5 (0.131 A/cm2) had the lowest value of Icorr and the
maximum corrosion resistance out of the six alloys that were tested. This is because the
addition of Cu to the alloy will cause segregation at the grain boundaries. Dendrites may be
produced by combining a Cu-depleted region with a Cu-rich region. If there is a significant
potential difference between the two phases, galvanic coupling can result in corrosion, with
the interdendritic area corroding first and increasing the local corrosion of the alloy [30,31].
If there is a significant potential difference between the two phases, galvanic coupling
can also result in corrosion. Because of this, the corrosion resistance of the AlCrTiV0.5Cux
lightweight HEAs in NaCl solution gradually decreases as the content of Cu increases.
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Figure 5. Potentiodynamic polarization curves of AlCrTiV0.5Cux lightweight HEAs in 0.6 M NaCl
solution.

Table 1. Electrochemical corrosion parameters of AlCrTiV0.5Cux lightweight HEAs obtained from
potentiodynamic polarization curve measured in 0.6 M NaCl solution.

Samples Ecorr(V) Icorr(μA/cm2)

x = 0 −0.411 0.131
x = 0.2 −0.572 0.499
x = 0.4 −0.526 0.695
x = 0.6 −0.389 1.145
x = 0.8 −0.407 2.182
x = 1.0 −0.239 2.778
304 L −0.415 4.7

Figure 6 displays the Nyquist, Bode, and phase-angle charts of the lightweight
AlCrTiV0.5Cux HEAs at a range of temperatures corresponding to varied operating condi-
tions. Z-view was used in order to evaluate the fitted parameters, and Figure 6 presents the
equivalent circuit that was produced as a consequence.

A larger semicircle radius indicates that the interface has a higher resistance for
the charge transfer and is a more protective passive film [32–35]. Figure 6a depicts the
Nyquist plot, and it has the shape of an incomplete semicircle, which indicates that the
charge transfer process is in control of the corrosion process. In the high-frequency range,
incomplete capacitive arcs are shown by the AlCrTiV0.5Cux lightweight HEAs. This is
evidenced by Figure 6a, which makes it abundantly clear that the incomplete capacitance
arcs are caused by charge transfer at inhomogeneous surfaces. As the concentration of
copper in the alloy increases, its resistance to corrosion diminishes, and the radius of the
capacitive semicircle becomes smaller.

Figure 6b,c show the Bode and phase angle charts of the alloys’ electrochemical
corrosion, respectively. As can be seen, the impedance modulus and phase-angle change
with frequency. The Bode plot shown in Figure 6b demonstrates that the passive films
have a pseudocapacitive character since the slopes are less than −1 and the phase angle
is smaller than −90◦. In Figure 6c, the phase angle is getting close to 90◦, and the value
of the impedance modulus is linear from 1 Hz all the way up to 103 Hz. The phase angle
of the AlCrTiV0.5Cux alloys decreases from 103 Hz, achieves a tiny value at 104 Hz, and
then continues to rise and reaches a high value at 105 Hz. A low value is reached again at
104 Hz, and a high value again at 105 Hz.
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Figure 6. Fitted electrochemical AC impedance of AlCrTiV0.5Cux lightweight HEAs in 0.6 M NaCl
solution. (a) Nyquist plot; (b) Bode plot; (c) Phase angle plot.

The data on the impedance are used in the production of an equivalent electric cir-
cuit (EEC) (shown in Figure 7). R1 represents the resistance of the solution in the EEC
model, R2 represents the resistance of the passivated layer, and R3 represents the charge
transfer resistance of the limited corrosion zone. In the zone that has been passivated, the
capacitance is represented by CPE1, and in the zone that has been partly corroded, it is
represented by CPE2. A constant phase-angle element, also known as a CPE, is used in
place of a traditional capacitor so that flaws in capacitive components, such as surface inho-
mogeneities, may be taken into consideration. If the value of the charge transfer resistance,
or R3, is lowered, then a greater number of electrons and ions will be able to flow through
the passivation layer created by the alloy, which will result in a reduction in the alloy’s
resistance to corrosion [36–39].

Figure 7. The equivalent electric circuit for impedance data.
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Table 2 presents some example parameters for EEC fitting that were generated while
operating under OCP conditions. When the value of CPE1-P is close to 0.9, this indicates
that the properties of the component are between those of a typical capacitor and those of a
Warburg impedance [40–44]. The charge transfer resistance, denoted by R3, will decrease in
proportion to the amount of copper that is present. We discover that AlCrTiV0.5 has a high
charge transfer resistance of 437,920 Ω·cm2 (and strong corrosion resistance in 0.6 M NaCl
solution), while AlCrTiV0.5Cu possesses the lowest charge transfer resistance of 31,276
Ω·cm2. According to the data presented above, the corrosion process of AlCrTiV0.5Cux
HEAs is regulated not only by the transfer of charge but also by the regulation of diffusion.

Table 2. Impedance fitting parameters of AlCrTiV0.5Cux lightweight HEAs.

Samples R1(Ω·cm2)
CPE1-T

(μF·cm−2)
CPE1-P R2(Ω·cm2)

CPE2-T
(μF·cm−2)

CPE2-P R3(Ω·cm2)

x = 0 3.183 0.0383 0.967 15.09 34.954 0.747 437,920
x = 0.2 2.444 0.0359 0.962 6.416 28.217 0.770 255,620
x = 0.4 3.106 0.0659 0.994 18.17 38.641 0.817 75,311
x = 0.6 2.818 0.0462 0.959 10.8 33.676 0.775 70,653
x = 0.8 5.808 0.0344 0.977 59.19 30.418 0.782 45,098
x = 1.0 1.934 0.0862 0.871 10.56 37.656 0.790 31,276

3.3. Corrosion Morphology Analysis

Figure 8 depicts the surface morphology of the AlCrTiV0.5Cux lightweight HEAs after
they were subjected to polarization tests in a solution containing 0.6 M NaCl. The corrosion
has reached such an advanced stage that the surfaces are severely exfoliated and are in no
way uniform. The fact that there are just a few pits on the surface is evidence of limited
corrosion; hence, the samples were not fully ruined. The surface roughness was not on the
nanoscale scale in the regions of the material that did not include corrosion pits.

Figure 8a depicts the surface morphology of the lightweight AlCrTiV0.5 HEA, which
demonstrates that the surface is smooth and flat after corrosion and does not exhibit
any obvious corrosion pits. The prior results that the AlCrTiV0.5 alloy exhibited greater
corrosion resistance than the other five HEAs are supported by these new data, which
are consistent with those findings. AlCrTiV0.5 lightweight HEA has high resistance to
corrosion as a result of its uniform composition, single BCC phase structure, and lack
of composition segregation at grain boundaries. These characteristics contribute to the
material’s outstanding uniformity. When AlCrTiV0.5Cux is corroded (where x may be any
of the values 0.2, 0.4, 0.6, 0.8, or 1.0), substantial aggregation of Cu elements occurs in the
dendritic intergranular region (see Figure 8), and enormous corrosion pits also develop.
When there is a higher percentage of copper in the alloy, the surface corrosion of the alloy
becomes worse.

In general, the AlCrTiV0.5 lightweight HEAs show good corrosion resistance in the
testing environment. Increased Cu content enhanced Cu segregation, which could induce
localized corrosion susceptibility in Cu-added HEAs. The addition of Cu also increases the
mixing entropy of the system, thus the effect of the high-entropy effect on the corrosion
resistance of the alloys should be considered. The corrosion behavior also seemed to relate
to the sluggish diffusion. Dissolution of Cu was dominant in the competitive process of
formation of the passive film. Sluggish diffusion can inhibit the migration of Cu, reduce
the defects in the passive film, and inhibit the formation of cation vacancies, thereby
improving corrosion behavior [35]. In this study, due to the segregation of Cu and Cu-
rich areas exposed to the surface, the effect of slow diffusion was not obvious. Only
in AlCrTiV0.5Cu0.2 HEA, in which the segregation of Cu structure was lower, was the
corrosion resistance reduced slowly. When the content of Cu is higher and the degree of
segregation is greater, the high-entropy effect has little effect, and the corrosion resistance
is significantly reduced.
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Figure 8. Surface morphology of AlCrTiV0.5Cux lightweight HEAs after kinetic potential polarization
tests in 0.6 M NaCl solution. (a) x = 0; (b) x = 0.2; (c) x = 0.4; (d) x = 0.6; (e) x = 0.8; (f) x = 1.0.

4. Conclusions

(1) In a solution of 0.6 M NaCl, the electrochemical behavior of AlCrTiV0.5Cux lightweight
HEAs changes depending on the proportion of Cu. While AlCrTiV0.5 has the best
corrosion resistance and the lowest self-corrosion current density at 0.131 μA/cm2,
AlCrTiV0.5Cu has the greatest self-corrosion current density at 2.778 μA/cm2 and the
poorest corrosion resistance. AlCrTiV0.5 has the lowest self-corrosion current density
and the best corrosion resistance.

(2) When Cu is added to the HEAs, it is polarised between the dendrites, forming a
Cu-rich phase. A higher Cu content leads to more pronounced polarization. The
segregation of Cu lead to a large potential difference between the Cu-rich and Cu-poor
phases that formed between and within the dendrites, making the area between the
dendrites more susceptible to galvanic coupling corrosion.
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Abstract: The Mg-Al-Zn-Ca system has demonstrated excellent flame resistance and mechanical
properties in the as-cast condition. However, the potential of these alloys to be heat-treated, e.g.,
by aging, as well as the influence of the initial microstructure on the precipitation kinetics, is yet
to be comprehensively explored. Ultrasound treatment was applied during the solidification of an
AZ91D-1.5%Ca alloy to promote microstructure refinement. Samples from treated and non-treated
ingots were subjected to solution treatment at 415 ◦C for 480 min, followed by aging at 175 ◦C for
up to 4920 min. The results showed that the ultrasound-treated material could reach the peak-age
condition in a shorter period than the non-treated one, suggesting accelerated precipitation kinetics
and, thus, enhanced aging response. However, the tensile properties showed a decrease in the
peak age compared to the as-cast condition, probably due to the formation of precipitates at the
grain boundaries that promote the formation of microcracks and intergranular early fracture. This
research shows that tailoring the material’s as-cast microstructure may positively affect its aging
response, shortening the heat treatment duration, thereby making the process less expensive and
more sustainable.

Keywords: magnesium alloys; ultrasound treatment; solution; aging; Mg17Al12

1. Introduction

The trade-off between magnesium alloys’ strength and ductility is still a challenge
that has been addressed by several authors in the last few years [1,2]. Significant attention
has been paid to wrought magnesium alloys, resulting in substantial advances [3–5], while
casting ones have been neglected concerning their processing and optimization [6].

A considerable fraction of intermetallic phases form during the solidification process of
the alloys, which can play a role in the material’s behavior. The intermetallics’ morphology
and distribution can thus strongly influence the material’s mechanical and corrosion prop-
erties, possibly optimizing its performance by tailoring it. As the predominant intermetallic
phase in AZ91D magnesium alloy, β-Mg17Al12 precipitates may enhance the material’s
strength, but at the expense of its ductility. The precipitation of this phase from the su-
persaturated matrix may assume two different and competitive modes: discontinuous
and continuous precipitation. Discontinuous precipitates exhibit an elliptical or lamellar
shape composed of β-Mg17Al12 and aluminum-enriched α-Mg and form mainly at the
grain boundaries, growing inward [7]. Continuous precipitates, on the other hand, are
characterized by a lozenge-shaped plate phase known as the Widmanstätten phase, which
nucleates and grows inside the α-Mg grains with a primary habit plane parallel to the
[0001] basal plane of the matrix [8]. The contribution of each precipitate type to the mate-
rial’s mechanical properties is not yet fully understood, and the literature offers conflicting
views. Some authors [9,10] claimed that continuous precipitates could endow the material
with a superior age-hardening response, given that discontinuous precipitate morphology
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could lead to early fracture. From a different perspective, discontinuous precipitates were
suggested to play the leading role in aging hardening due to the continuous precipitates
presenting thin plates parallel to the basal plane, easing the dislocation gliding [7,11].

Solution treatment followed by artificial aging has proven to be able to tailor the
morphology of the β-Mg17Al12 precipitates by controlling both the temperature and du-
ration of the heat treatment [12–14]. However, it has been noted that magnesium alloys
aged at temperatures below 200 ◦C require long aging periods to attain their peak-aged
condition [15], making the process energy-intensive and expensive. On the other hand,
ultrasound treatment has been intensively explored for microstructural modification, and
it has been demonstrated that it can promote peak-aging conditions in a shorter period in
aluminum alloys [16]. Moreover, ultrasonic excitation may grant a refined microstructure
with a smaller grain size [17] as well as the formation of vacancies [18], features deeply
related to the formation of discontinuous and continuous precipitates, respectively [9]. The
potential of ultrasonic vibration to assist in several manufacturing techniques is known,
namely in additive and hybrid manufacturing areas. It has been shown that ultrasonic
vibration promotes higher powder utilization efficiency, lower surface roughness and mi-
crostructural improvement [19], the reason why it can be a path to boost the application of
additive and hybrid manufacturing in high-quality standards industries [20].

Although some research has already been published on the aging kinetics of different
magnesium alloys, there is still a lack of information regarding the Mg-Al-Zn-Ca system.
These alloys have demonstrated excellent results of ignition resistance allied to excellent
strength-to-weight ratio, granting an increasing interest in them recently [21,22]. However,
adding calcium is known to lead to the formation of thermally stable Al-Ca intermetallics,
changing the fraction of the β-Mg17Al12 phase formed during solidification and heat
treatment [23].

This work details the effect of the as-cast microstructure of an AZ91D-1.5%Ca (wt.%) on
its age-hardening response. In this sense, ultrasound treatment was applied to the material
during its solidification, refining its microstructure. The heat-treated samples’ hardness
evolution was investigated for non- and ultrasound-treated (US-treated) conditions, and
the precipitates formed were comprehensively characterized. In addition, the tensile
mechanical properties of the material in the as-cast, solution-treated and peak-aging states
were determined at room temperature.

We hypothesize that ultrasound treatment can accelerate the precipitation kinetics,
helping to reduce the heat treatment duration and temperature and thus contributing to a
more economical and environmentally sustainable manufacturing chain.

2. Materials and Methods

A SiAlON crucible was used to melt an AZ91D-1.5%Ca alloy (Table 1) in a resistance
furnace under an Ar protective atmosphere.

Table 1. Chemical composition of AZ91D-1.5% Ca alloy (wt.%).

Alloy Mg Al Zn Mn Ca

AZ91D-1.5%Ca Bal. 9.7 0.5 0.2 1.5

A previous stage at 450 ◦C was carried out to prevent melt contamination and eliminate
humidity and moisture from the crucible and tools used. The melt was heated to 620 ± 5 ◦C
and held for 20 min to form a CaO protective layer, after which the temperature was
increased to 660 ± 5 ◦C and held for 10 min for homogenization. The melt was then
poured into a pre-heated to 350 ± 5 ◦C metallic mold coupled to an ultrasound device that
transmitted acoustic energy to the medium until it reached 525 ± 5 ◦C. Experiments were
also conducted without the use of ultrasonic vibration as a comparison. The samples were
subjected to a 480 min heat treatment at 415 ◦C followed by quenching in water at room
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temperature to avoid additional phase transition induced by residual heat. Artificial aging
was then carried out at 175 ◦C for 240 to 4920 min.

The microstructural characterization and hardness testing samples were ground with
gradually finer SiC papers and polished with a 1 μm polycrystalline diamond solution,
followed by oxide polishing with 0.02 μm colloidal silica. A 4% solution of HNO3 in ethanol
was used to etch the samples before optical microscope examination (LEICA DM2500 M).
A deep etching technique based on the selective dissolution of the matrix was applied to
study the intermetallic shape. The morphology and composition of the phases present in
the microstructure were detailed further through scanning electron microscopy with energy
dispersive spectroscopy (SEM-EDS Phenom XL2, Thermo Fisher Scientific, Massachusetts,
USA). Hardness measurements were conducted in an Officine Galileo Mod using a D200
tester under a load of 50 gf. A minimum of five indentations were averaged for each
reported hardness measurement. Casted samples were machined into cylindrical tensile
specimens (type D, according to ISO 6892-1) with an 8.00 ± 0.08 mm diameter and a
50.00 ± 0.50 mm proof length. Universal testing equipment (INSTRON 8874) was used
to perform tensile testing with a 1 mm/s displacement rate until the specimens’ fracture
occurred and a load drop was observed. Three samples were tested for non- and US-treated
alloy in the as-cast, solutionized, and peak-aging conditions.

3. Results and Discussion

Figure 1a,b present the optical micrographs of the non- and US-treated samples in the
as-cast condition.

 

Figure 1. Microstructures of the (a,c) non- and (b,d) US-treated samples in the as-cast condition.

Regardless of the processing procedure, the microstructure of the as-cast samples is
composed of α-Mg, β-Mg17Al12, Al2Ca, and Al-Mn rich phases, as observed in our previous
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work [23]. However, significantly different morphologic characteristics could be observed,
which may be attributable to the application of ultrasonic vibrations to the solidifying melt.
It is suggested that ultrasound treatment has stimulated the refinement of the intermetallic
phases, as previously described [24–26]. Indeed, compared to the non-treated sample
(Figure 1a), β-Mg17Al12 appeared smaller and more rounded in the US-treated sample
(Figure 1b), while Al2Ca was fragmented, exhibiting a script-like disconnected morphology
and a more uniform distribution.

Color differences between the dendrite interior and exterior indicate aluminum seg-
regation during the solidification of the alloy. Hence, the Al-rich outer regions showed
a lower etching rate compared to the interior areas, which has also been referred to by
Esgandari et al. [27].

Deeply etched microstructures (Figure 1c,d) enabled a more detailed examination of
the intermetallic morphology, revealing that both non- and US-treated samples exhibited a
lamellar Al2Ca phase with distinct morphological features. While the Al2Ca intermetallic
displayed a rosette-like structure in the non-treated sample, the US-treated sample had a
platelet morphology that developed epitaxially from the α-Mg phase.

The microstructure of the solution-treated samples is presented in Figure 2. After
solution treatment for 480 min at 415 ◦C, β-Mg17Al12 was nearly fully dissolved in the
US-treated sample, whereas several particles could still be observed in the non-treated one.
Thus, it is hypothesized that the dissolution process progressed differently depending on
the processing conditions. The discrepancies observed in the materials’ response to the
solution treatment may have been promoted by their different as-cast microstructures. The
non-treated sample exhibited β-Mg17Al12 coarse bulk particles, which led to its reduced
dissolution due to a slower dissolving rate, conversely to the fine intermetallic found in the
US-treated sample.

 

Figure 2. Microstructure of (a) non- and (b) US-treated samples after solution treatment at 415 ◦C for
480 min.

Therefore, differences in the size and distribution of intermetallic particles may explain
their distinct dissolution kinetics. The non-treated sample presented larger intermetallic
particles and a higher aluminum concentration in their vicinity, leading to a slower dissolu-
tion rate promoted by the lower gradient. In addition, once the intermetallic volumetric
fraction is comparable across the processing conditions, the intermetallics’ interfacial area
of the non-treated sample is smaller and hinders the aluminum atoms’ diffusion to the
matrix, slowing down the dissolution process.

On the contrary, the US-treated sample was characterized by smaller and uniformly
dispersed β-Mg17Al12 particles, shortening the distance over which diffusion occurred and
thereby the time required for the dissolution to occur.
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The Al2Ca phase appeared not to suffer significant dissolution, possibly because of its
excellent thermal stability [28,29], which limited the aluminum atoms available to migrate
to the α-grains.

SEM micrographs of the non- and US-treated samples at the peak-age condition at
175 ◦C (1440 and 960 min, respectively) are shown in Figure 3, along with the EDS analysis
results of the identified precipitates.

Figure 3. SEM micrographs of the discontinuous β-Mg17Al12 precipitates found in (a,b) non- and
(c,d) US-treated samples, after aging at 175 ◦C for 1440 and 960 min, respectively; (b,d) higher
magnification images of areas A and B, respectively, (e) EDS analysis of the particles identified as Z1
and Z2 in (b,d).

During the aging treatment, two types of precipitates—continuous and discontinuous—may
form and develop competitively as they nucleate and grow at different rates [30,31]. Al-
though their chemical composition is the same, their morphology differs, making their
strengthening effect distinct. Both non- and US-treated samples exhibited only discontin-
uous precipitates, which may be explained by the low aging temperature adopted [27].
Most precipitates were found along the grain boundaries—intergranular precipitates—and
presented an elliptical shape. The different processing conditions are suggested to result
in the modification of the precipitates, not primarily of their shape, but of their size and
number density. Indeed, the non-treated sample was characterized by a lower number of
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precipitates whose size was larger than that of the US-treated samples. In addition, it is
possible that the precipitates grew and coalesced to form massive bulk structures, as shown
in Figure 4.

Figure 4. SEM micrograph of β-Mg17Al12 bulk precipitates found at grain boundaries of non-treated
material after aging at 175 ◦C for 1440 min; (b) EDS analysis of the Z3 particle identified in (a).

The US-treated sample showed a higher number of smaller β-Mg17Al12 precipitates
distributed along the grain boundaries, which may result from the finer microstructure, i.e.,
the materials’ smaller grain size. The grain refinement of the alloy results in increased grain
boundaries, providing more nucleation sites for β-Mg17Al12 discontinuous precipitates and
thereby promoting faster-aging kinetics [9,32].

Figure 5 shows the hardness evolution under as-cast, solution-treated, and artificially
aged conditions for non- and US-treated samples.

Figure 5. Average Vickers hardness of the non- and US-treated samples during artificial aging.

In the as-cast condition, the US-treated alloy exhibited higher hardness than the non-
treated one, possibly due to its finer microstructure. Indeed, the refinement of the α-Mg and
intermetallic phases substantially affects the material’s mechanical properties, namely its
hardness. Increasing grain boundaries led to an increase in the density of small precipitates,
thus improving the mechanical properties. In the non-treated samples, however, the
coarser morphology of the precipitates resulted in an increased interspacing between them.
Under these conditions, there is a reduced capacity to inhibit dislocation movement, so
the material’s hardness is lower [33]. Similar findings were reported by Lai et al. [15], who
studied the effect of aging conditions on the morphology of the β-Mg17Al12 precipitates
and concluded that numerous smaller precipitates provided higher peak hardness.
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Due to the precipitates’ dissolution after solution treatment, which promotes material
softening [34], the material’s hardness dropped dramatically, regardless of the processing
conditions. The US-treated alloy hardness remained higher than that of the non-treated one
in the solutionized condition due to the grain boundary strengthening effect granted by the
grain refinement. At this stage, no contribution of precipitation strengthening was consid-
ered since most precipitates were dissolved after solution treatment. On the other hand,
a more gradual decline in the hardness in the non-treated material may be attributable to
the presence of undissolved β-Mg17Al12 intermetallic, whose size has decreased throughout
the procedure, favoring its ability to prevent dislocation movement.

The hardness curves’ behavior of the non- and US-treated alloys indicates that the pro-
cessing conditions may profoundly influence the material’s aging response. Although the
typical hardness increase was noticeable in both non- and US-treated samples, the former
presented a longer incubation period, with the hardness value remaining almost constant
until aging for 240 min. In contrast, the short incubation period of the US-treated alloy
suggests accelerated aging kinetics of β-Mg17Al12 precipitates compared to the non-treated
sample. Similar results were reported by Wang et al. [32]. The authors investigated whether
the manufacturing process—high-pressure die casting or rheo-diecasting—influenced the
material’s aging response and determined that the latter showed faster dissolution during
the solution treatment and accelerated aging kinetics.

After the incubation stage, the non- and US-treated samples’ hardness increased,
although at a higher rate for the latter. The US-treated alloy reached its peak-aged condition
at 960 min, following which its hardness value decreased sharply, whereas the non-treated
alloy hardness increased throughout the time range considered. The larger grain size is
suggested to significantly reduce the nucleation rate, delaying the material’s aging response
and resulting in the non-treated sample not achieving the peak-aging condition within
the time interval considered [33]. Even so, and for comparison’s sake, aging treatment for
1440 min was hereafter referred to as the peak-aging condition of the non-treated sample,
corresponding to the highest hardness value observed within the heat treatment period
considered. After 4920 min of aging, the non-treated samples exhibited a value comparable
to that of the as-cast condition (74 HV vs. 73 HV) and still showed a tendency toward
increasing hardness, which indicates that peak-aging has not been reached yet and could
be higher. However, the US-treated sample showed the highest hardness in the as-cast
condition (82 HV), with peak-aged hardness 5.7% lower (77 HV). According to Zhang
et al. [35] and Dumpala et al. [36], the coarsening of grains during the solution treatment
may be responsible for this behavior.

Nonetheless, the ultrasound treatment of magnesium alloy has demonstrated the
potential to refine the microstructure, which has proven effective in shortening the time
needed for reaching the peak-aged state. In addition, the difference between the non- and
US-treated samples aged for 240 min is superior to that observed in the solution-treated
condition. This behavior supports the hypothesis that ultrasonic processing plays a role
in precipitation behavior by anticipating it. In this sense, the increased hardness value
obtained for the US-treated sample may have resulted from accelerated precipitation and
grain boundary strengthening combined, consistent with Kim et al.’s findings [37]. Even
so, no increase in hardness was seen after the aging treatment compared to the as-cast
condition for either processing method. These results align with those of Suzuki et al. [30]
and Bamberger et al. [31] for Mg-Al-Ca and Mg-Ca-Zn alloys, respectively, demonstrating
the poor age-hardening response of these alloys.

Furthermore, due to the formation of the Al2Ca phase during the alloy solidification,
there is a low fraction of β-Mg17Al12 phase in the as-cast state and reduced aluminum
content on the α-Mg phase, limiting the solute availability after solution heat treatment. In
this sense, given the direct relationship between the transformation rate during the aging
treatment and the solute atoms amount available in the supersaturated matrix, lower peak
hardness values are obtained by calcium-containing magnesium alloys compared with
those without this element [27].
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Several studies show the ability of ultrasound treatment to enhance the mechanical
properties of magnesium alloys, namely AZ91D [17]. However, whether as-cast microstruc-
ture affects the tensile behavior of heat-treated materials is still unknown.

The results of the tensile tests performed on the non- and US-treated AZ91D-1.5%Ca
(wt.%) in the as-cast, solutionized (T4), and peak-aged conditions are presented in Table 2.

Table 2. Mechanical properties of the non- and US-treated material in the as-cast, solution-treated
and peak-aged conditions.

Test Condition Yield Strength (MPa)
Tensile Strength

(MPa)
Elongation at Break

(%)

Non-treated

As-cast 89 ± 5 110 ± 7 1.75 ± 0.34

T4 137 ± 7 146 ± 8 2.04 ± 0.93

T6–Peak-age condition
(1440 min) 100 ± 4 115 ± 4 1.73 ± 0.71

US-treated

As-cast 125 ± 8 164 ± 6 3.02 ± 0.25

T4 158 ± 6 204 ± 8 4.31 ± 1.34

T6–Peak-age condition
(960 min) 142 ± 6 169 ± 8 2.69 ± 0.89

The results demonstrate that ultrasound treatment significantly increased mechanical
performance under all the tested conditions. In the as-cast state, the tensile strength of
the US-treated material was about 50% higher than that of the non-treated one, stressing
the grain refinement’s role in the material’s mechanical resistance. In addition, the yield
strength was higher than in non-treated samples, but the difference was less pronounced.
The increased elongation at fracture constitutes the most impressive result, enhancing by
about 72.5% when ultrasound treatment is applied. The microstructure characteristics may
thus be considered a critical factor for the static mechanical properties of the alloy. The
conjunction of smaller grain size and refined and more uniform distributed intermetallic
phases grant remarkably improved mechanical properties. Conversely, the continuous
network of brittle β-Mg17Al12 phase detected in the non-treated sample leads to poorer
mechanical properties [24]. According to Du et al. [38], such modifications decrease the
stress concentration points, improving ductility by preventing early fracture.

The solutionized samples exhibited higher elongation, yield and tensile strength than
the as-cast condition, regardless of the processing route. For the non-treated sample, the
increase in the yield and tensile strength was higher than that of the elongation, while the
contrary was observed in the US-treated samples. The partial dissolution of the coarse
precipitates may underlie this behavior, given that they constitute preferential sites for
fracture initiation and act as a continuous easy crack path [39]. In addition, the dissolution
of these precipitates occurred to a greater extent in the US-treated sample, leading to the
matrix being dopped with aluminum atoms, easing the basal-plane deformation twinning
in the magnesium alloys and thereby enhancing the elongation.

In the aged condition, non- and US-treated materials showed a decrease in yield and
tensile strength, as well as elongation. Such a loss of the materials’ mechanical properties
may be promoted by forming precipitates which, contrary to what is observed for aluminum
alloys, may harm the mechanical resistance. In fact, under the considered aging conditions,
discontinuous precipitates formed at the grain boundaries, showing small interface bonding
strength and weakening the bonding force between grains [40]. Under these conditions,
the microcracks are suggested to form preferentially in the β-Mg17Al12/α-Mg, interfaces,
promoting early intergranular fracture due to their growth and propagation along the grain
boundaries [41]. In agreement with these findings, the higher yield and tensile strength and
elongation values observed in the US-treated material after solution treatment compared
to the peak-age properties appear to confirm that the precipitation of the β-Mg17Al12 has
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an overall deleterious effect on the mechanical behavior of the material. Moreover, the
elongation decline showed by the non-treated material after aging may be explained by
the presence of coarse intermetallic particles that did not fully dissolve and are likely to
crack at low strains. This detrimental effect did not significantly compromise the ductility
in the solution-treated condition due to the softer matrix, which worked to delay the
cracking [42] but played a critical role in decreasing the material’s mechanical strength after
aging treatment.

According to the obtained results, it can be concluded that AZ91D-1.5%Ca (wt.%) has
a limited aging potential under the considered conditions. In fact, no significant improve-
ment in the material’s mechanical properties could be achieved through the adopted heat
treatment scheme. Such a poor aging response may be explained mainly by two factors:
(i) the addition of calcium promotes the formation of the Al2Ca intermetallic phase during
the material solidification and suppresses the formation of the β-Mg17Al12 phase. Given
its high thermal stability, the Al2Ca phase did not dissolve during the solution treatment,
causing the aluminum content available to precipitate during subsequent aging treatment
to be extremely low; on the other hand, (ii) the discontinuous precipitates formed along
the grain boundaries consumed the available solute content, promoting the depletion of
continuous precipitation, which could further improve the mechanical performance of the
material [43].

Optimizing the solution treatment to dissolve the Al2Ca phase and applying ultra-
sound treatment during the casting process may constitute a route to enhance the aging
response of the AZ91D-1.5%Ca (wt.%) alloy. In fact, applying ultrasonic vibration during
the material solidification can promote an excess of vacancies, which act as nucleation
sites for continuous precipitates [18]. Such conditions, together with a higher available
aluminum content granted by the dissolution of the Al2Ca intermetallic, can enhance the
material’s response to the aging treatment by tailoring the morphology of the resultant
precipitate.

4. Conclusions

In this research, ultrasound treatment was used during the solidification of an AZ91D-
1.5%Ca to modify its microstructure, which was then investigated for its effect on aging
kinetics. The following conclusions could be drawn from the performed study:

• Applying ultrasound treatment during AZ91D-1.5%Ca (wt.%) alloy cooling has sig-
nificantly changed its microstructure, promoting the refinement of β-Mg17Al12 and
Al2Ca intermetallic phases.

• The refined microstructure of the US-treated sample yielded a higher hardness than
that of the non-treated one in the as-cast condition.

• US-treated samples showed accelerated aging kinetics since precipitation hardening
occurred for a shorter heat treatment duration compared to that of non-treated ones.

• The hardness curve of the non-treated material suggests that peak aging was not
achieved under the tested conditions, which indicates that aging for periods longer
than 4920 min may be required. Conversely, US-treated samples appeared to reach the
peak-aging state after 960 min.

• Ultrasound treatment enhanced the ultimate tensile strength and elongation in all the
considered conditions—as-cast, solutioned and aged—compared to the absence of
treatment. However, the tensile properties showed a decrease in the peak age, possibly
due to the formation of precipitates at the grain boundaries that promote the formation
of microcracks and intergranular early fracture.
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Abstract: In order to improve the yield of steel produced in the converter and the quality of the
molten steel, and to understand the distribution of the flow field in the converter and ladle during
the steelmaking process, the CFD fluid simulation software Fluent 2020 R2 was used to analyze
the flow field of the converter static steelmaking process. The aperture of the steel outlet and the
timing of the vortex formation under different angles were studied, as well as the disturbance level
of the injection flow in the ladle molten pool. The study revealed that in the steelmaking process, the
emergence of tangential vectors caused the entrainment of slag by the vortex, whereas in the later
stages of steelmaking, the turbulent flow of slag disrupted the vortex, resulting in its dissipation.
When the converter angle increases to 90◦, 95◦, 100◦, and 105◦, the eddy current occurrence time is
43.55 s, 66.44 s, 68.80 s, and 72.30 s, and the eddy current stabilization time is 54.10 s, 70.36 s, 70.95 s,
and 74.26 s, respectively. When the converter angle is 100–105◦, it is suitable to add alloy particles
into the ladle molten pool. When the tapping port diameter is 220 mm, the eddy current inside the
converter changes and the mass flow rate of the tapping port is “oscillating”. When the aperture of
the steel outlet was 210 mm, the steelmaking time could be shortened by about 6 s without affecting
the internal flow field structure of the converter.

Keywords: converter; vortex; flow field analysis; numerical simulation

1. Introduction

With the development of science and technology, the demand for high-quality steel
in the market is increasing, which poses higher requirements for metallurgical technology.
Improving the cleanliness of steel by reducing the entry of inclusions and then improving
the quality of steel is an important direction for the development of the steel industry [1,2].
During the steelmaking process in the converter, as the liquid level gradually decreases, a
rapidly rotating free surface vortex is easily formed. Once the free surface vortex is formed,
it is prone to roll over the slag. When the height of the steel liquid level is lower than
the critical height of the vortex, the phenomenon of vortex-induced slagging will be very
serious. This phenomenon occurs in the steelmaking process of the converter, ladle, and
tundish. This will lead to a reduction in the yield of steel liquid, a shortening of the service
life of the converter, an increase in the content of inclusions, blockage of the nozzle, and
other problems [3,4], causing considerable losses to production efficiency [5–7]. Therefore,
effectively delaying the occurrence of vortex-induced slagging is a problem that must be
solved in the production of clean steel [2,8].

The main reason for the formation of eddy currents is due to the rotational motion of
the fluid, where at least one of the three rotational angular velocity components of the fluid
is not zero, meaning that the fluid particles exhibit microscopic horizontal rotation. In the
actual fluid flow process, due to the viscosity of the fluid, rotation generally occurs. Since
the formation of eddy currents during the steelmaking process in the converter is inevitable,
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it is necessary to have a detailed understanding of the mechanism of eddy current formation
in order to mitigate the adverse effects of eddy currents on slag entrapment. So far, the
study of eddy currents in steelmaking vessels has mainly focused on the ladle [9,10]
and tundish [11–13]. Due to the non-visible process, high-temperature environment, and
rotation of the converter during the steelmaking process, there is not yet a complete
understanding of the flow phenomena in the converter during the steelmaking process.
During the steelmaking process in a converter, once the molten steel enters the tapping
hole, it will have a certain initial velocity, and the tapping speed at different tapping angles
is completely different. At the end of the converter steelmaking process, alloying treatment
needs to be carried out on the molten steel, and the influence of the distribution of the alloy
by the molten steel flowing out at different converter angles is also different. Referring to
the automatic tapping process of an enterprise, the angle changes in a “step-like” manner
over time, so it is particularly important to determine the optimal tapping angle for adding
alloying materials. Therefore, the timing of alloy addition needs to ensure that the tapping
time is short, the amount of eddy current is small, and the turbulence intensity in the ladle
is high enough.

Some researchers have studied factors such as different tapping hole sizes and different
steel heights but have not considered the effect of different converter tilts on the steelmaking
process. Wang et al. [14] discussed the influence of initial liquid level height on the timing
of slag coiling and built a quarter-converter model through numerical simulation. However,
because the structure near the tapping port of the converter is more complex, different
from the tapping port of the ladle, tundish, and other symmetric structures. Therefore,
Pang et al. [15] built a complete model of the converter steel drawing process, but the model
ignored the slag layer. Therefore, a full three-dimensional transient multiphase flow model
of the converter steelmaking process was established on the basis of the previous studies.
The eddy current phenomenon in the converter steelmaking process was studied, and the
optimal time for adding alloy materials was determined. The mass flow rate of the wire
outlet under these conditions will provide a basis for the study of the melting trajectory and
dynamics of alloy particles in the converter steelmaking process in the future. By parametric
analysis of the influence of different parameters on the vortex entrain slag, the correlation
between the tapping angle of the converter, tapping hole aperture, and alloy adding time
was established. Based on existing research, a fully three-dimensional, transient, multiphase
flow model is established for mathematical simulation of the converter steelmaking process,
studying the eddy current phenomena during converter steelmaking, and determining the
optimal timing for adding alloying materials. The quality flow rate of the tapping hole
under this condition will be used for the study of the melting trajectory and dynamics of
alloy particles in future converter steelmaking processes. By parameterizing the analysis
of the influence of different parameters on the eddy current entraining furnace slag, the
correlation between the converter inclination angle, tapping hole aperture, and the timing
of alloy addition is established.

2. Model Description and Geometric Model

2.1. Computational Model and Meshing

A simplified three-dimensional mathematical model based on the actual size of a 300 t
steelmaking converter in a steel plant was established (Figure 1a). During the converter
smelting process, a layer of slag floats on the liquid surface, and air fills the remaining
space. Based on the characteristics of converter steelmaking, the following assumptions
were made when establishing the mathematical model: (1) the experimental environment
is relatively stable, and the disturbance caused by air flow on the liquid surface can be
ignored; (2) the inner wall and connections of the converter container are smooth, and the
frictional effect can be neglected; (3) the temperature change during the experiment is slight,
and the influence of temperature on liquid density and viscosity can be ignored; (4) in the
turbulent mixing zone, the flow satisfies the basic assumptions of the thin turbulent shear
layer theory.
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(a) (b) 

Figure 1. Geometric of the (a) converter; (b) ladle.

To simulate the converter steelmaking process accurately, a model was built using
SolidWorks software 2021 at a 1:1 scale with respect to the actual model. The model
includes four computational domains: the converter molten pool domain, the converter air
domain, the ladle, and the air domain between the end of the tapping hole and the top of
the ladle. The numerical scheme is based on pressure, transient, and three-dimensional
calculations. The scheme uses the converter angle (90◦, 95◦, 100◦, 105◦) and the tapping
hole diameter (200 mm, 210 mm, 220 mm) as variables. The non-structured tetrahedral
mesh is created using Workbench, and the Multzone method is used to divide the mesh for
the ladle domain. The complete geometric modeling and mesh division of the calculation
domain are shown in Figure 2. The calculation mesh consists of 1,600,000 elements, with
a maximum positive skewness of 0.823 and a minimum orthogonal quality of 0.177. To
more accurately simulate the behavior of the slag–air interface and the steel liquid flow
area, local mesh refinement technology was used, as shown in Figure 2c.

(a) (b) (c) 

Figure 2. Diagram meshing of (a) converter; (b) surround; (c) ladle.

2.2. Governing Equations

The process of vortex formation in the steel tapping process of the converter can be
ignored in the study without considering the effect of temperature, and the control equa-
tions used in the simulation of this process are mainly the continuity equation, momentum
equation, turbulent kinetic energy equation, and volume equation.

(1) The multiphase VOF (volume of fluid) model can be expressed as follows:

273



Materials 2023, 16, 3209

Continuity equation:
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where Gx, Gy, Gz are the gravitational acceleration in directions x, y, z, respectively, m/s2;
fx, fy, fz is the viscous force in direction x, y, z; VF is the volume fraction that can flow; ρ is
fluid density, kg/m3; p is the pressure acting on the fluid element; u, v, w is the component
of velocity in direction x, y, z, m/s.

(2) The turbulence modeling is expressed through the standard k-ε model, In the
turbulent mixing zone, the flow satisfies the basic assumption of thin, turbulent shear
layer theory.

Turbulence kinetic energy equation:
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Rate of dissipation equation:
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where ρ is the fluid density; t is time; ui is the fluid flow velocity in direction i; μt is
the turbulent viscosity coefficient; μ is the turbulent dynamic viscosity; xi and xj denote
the Cartesian coordinates in directions i and j, respectively; denotes the turbulent energy
due to the mean velocity gradient; Gb denotes the turbulent energy due to buoyancy; YM
denotes the contribution of pulsating expansion to the total dissipation rate in compressible
turbulent flow C1ε, C2ε, C3ε, σk, and σε are the constants of the k-ε model, which are 1.43,
1.92, 0.09, 1.0 and 1.3, respectively; Sk and Sε are the user-defined turbulent energy phase
and dissipation rate source phase, respectively.

(3) For each phase in the model, introduce a variable called unit phase volume fraction,
such that the sum of the volume fractions of all phases in each control volume is equal to 1.

For phase i, the volume fraction equation is:

∂ai
∂τ

+
→
v∇ai = Sai/ρi

(7)

The volume fraction equation for the primary phase is:

n

∑
i=1

ai = 1 (8)

In the equation, ai represents the volume occupied by the fluid in the i fluid volume
segment, with a value between 0 and 1.
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2.3. Boundary Conditions and Numerical Details

The Fluent 20 R2 fluid simulation software under the ANSYS software package was
used to perform numerical simulations of the steelmaking process. The physical and
chemical properties of the steel and air are shown in Table 1. Since the simulation focuses
on the late stage of steelmaking in the converter, 70 t of molten steel were preset in the
ladle, and 178 t of liquid steel and 22.24 t of slag were in the converter. Based on the actual
flow of fluids in the converter, the boundary conditions of the model were determined
as follows: the boundary condition at the converter mouth adopts a pressure inlet, the
edge of the air domain above the ladle is a pressure outlet, the inlet and outlet gauge
pressure are set to 0 Pa, and the steel liquid flows out freely due to gravity. The gravity
acceleration rate g = 9.81 m/s2, and no-slip wall surface is avoided. The PISO (pressure
implicit with splitting of operators) algorithm was used to couple the pressure and velocity
terms. In order to obtain more accurate solutions, second-order upwind schemes were
used for the discretization of convective terms. The calculation residual was set to 10−3,
and iterative calculations were performed after initialization. Calculating the fluxes was
carried out using the gradient of each variable evaluated at the cell centroid. The numerical
convergence was attained when the sum of the residuals for the flow variables was less
than 10−3.

Table 1. Physical parameters of fluid used in simulation.

Property Air Steel Slag

Density, kg/m3 1.225 7100 2700
Viscosity, pa·s 1.79 × 10−5 0.0065 0.1998

2.4. Grid-Independency Study

To eliminate the influence of grid resolution on numerical results, a grid-dependency
study was conducted to compare the effects of three different grid sizes on the time of slag
entrainment by vortex. The results show that the error in the onset and stabilization time
of vortex flux on the 160 W and 250 W grids is 0.14% and 0.89%, respectively. The error
in the onset and stabilization time of vortex on the 80 W and 160 W grids is 11.2% and
7.8%, respectively. Table 2 summarizes the key parameters of the grid-dependency study.
It can be clearly seen that the 160 W grid satisfies the computational requirements of the
turbulence model used in this paper.

Table 2. Grid dependency study based on the case.

Number of Grid 80 w 160 w 250 w

Vortex onset time 38.68 43.55 43.49
Vortex stabilization time 49.84 54.10 54.58

3. Results and Discussion

3.1. The Tapping Flow Field of the Converter at 90 Tilt Angles

An analysis was conducted on the steelmaking process of a 200 mm diameter tapping
hole with a 90◦ tapping angle in the converter. Figure 3 shows the distribution diagrams of
steel and slag along the vertical section of the converter at 20 s, 50 s, 70 s, and 125 s after
tapping. From Figure 3a, it can be seen that at the beginning of steel tapping, the steel
and slag are mutually insoluble and clearly stratified, and the flow of the steel inside the
converter is relatively stable without the formation of vortex.
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(a) (b) 

  
(c) (d) 

Figure 3. Steel distribution diagram during the 90◦ tapping process at different times. (a) 20 s; (b) 50 s;
(c) 70 s; (d) 125 s.

Fluent monitoring shows that the time when slag flows out of the taphole is 43 s, while
the time when stable vortex flow appears is 50 s. In the process of steel tapping (Figure 3b),
many small vortices disappear as the flow develops [16]. When the fluid in the converter
descends to a certain height, a sustained vortex flow will form. The front end of the vortex
develops in the direction of the taphole, and the slag is entrained into the taphole, resulting
in the phenomenon of vortexing and slag coiling (Figure 3c). At the end of the steelmaking
process (Figure 3d), a surface depression can be observed on the slag layer.

During the development of the vortex flow (Figure 3a,b), although the mass flow rate
of the steel through the tapping hole decreased, the impact of the jet flow on the ladle
increased gradually due to the increase in the depth of the molten pool. This caused greater
disturbance to the steel inside the ladle. As the depth of the steel increases, the eddies and
vortices generated by the impact of the jet flow will more strongly affect the gas inside
the steel. However, if the depth of the steel bath in the ladle is large, the distance between
the bottom of the ladle and the impact point of the nozzle will become very large, and the
kinetic energy of the impact will be absorbed and dispersed by the steel liquid. At this time,
the disturbance effect of the impact will decrease.
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During the growth period of a vortex (Figure 3c,d), the amount of air drawn into the
steel bath by the descending jet decreases gradually. The stirring effect produced in the
steel bath also weakens, because the viscosity of slag is higher than that of steel, and the
propagation speed of the jet impact in slag is also slower. According to Figure 4, due to the
density difference between the slag and steel, the presence of slag forms a “buffer zone”,
making it difficult for the impact of the jet flow to directly affect the steel, thereby reducing
the disturbance to the steel [17]. As the thickness of the slag layer increases, the disturbance
caused by the injection flow to the molten steel in the ladle gradually decreases.

 

  
(a) (b) (c) 

 
(d) (e) (f) 

Figure 4. Turbulent flow distribution diagram in the ladle at (a) 20 s; (b) 50 s; (c) 70 s; (d) 90 s;
(e) 125 s during steel tapping when the converter is at 90◦ and (f) velocity vector and turbulence
intensity distribution.

3.2. Analysis of Vortex Formation during Converter Tapping

During the process of producing steel in a converter, the molten steel is continuously
impacted and stirred against the furnace wall due to unstable and varying flow velocities,
resulting in the formation of a rotating vortex. This vortex has both horizontal and vertical
rotations. As the rotation process is highly complex, the formation of the converter steel
vortex is initially discussed by analyzing the fixed tilt angle. The formation of the vortex
is related to the speed and direction of the steel liquid flow. Above the taphole, the flow
rate of the steel liquid is faster, and the steel liquid inside the converter needs to pass
through a conical position to give the fluid an initial axial velocity. During the tapping
process, the turbulence disturbance causes the tangential flow to become unstable and
easily form eddies.

Figure 5 shows the velocity streamlines at different moments during the tapping
process of the converter at an angle of 100◦. The vortex initiation time is 68.8 s, and the
stable development time is 70.95 s. As shown in Figure 5a, when the converter begins
tapping, the static pressure of the steel liquid near the taphole is no longer balanced due to
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the effect of gravity. The pressure difference causes the steel liquid to flow out quickly, and
the velocity streamlines are relatively uniform and neat. As shown in Figure 5b, although
most of the flow directions of the steel liquid streamlines still point to the centerline of the
taphole, some flow directions near the mouth begin to align with the tangential direction of
the taphole, and there is no vortex above the taphole at this time. As the tapping process
continues, two vortices appear above the taphole in the early stage of vortex initiation
(Figure 5c), and the centers of the two vortices are connected by rotation in the appropriate
tangential direction, causing the flow direction of the fluid streamlines to change, and
countless micro-vortices develop into visible vortices. With the further extension of tapping
time, stable vortices are formed, and the phenomenon of vortex slag coiling appears
(Figure 5d). As shown in Figure 5e,f, after the vortex is stably formed, the vortex gradually
becomes smaller and even disappears as the tapping process progresses. On the one hand,
this is because the overall flow rate of the taphole decreases in the late stage of tapping.
On the other hand, when the slag amount is too large, the flow velocity of the slag liquid
will increase, which will intensify the turbulent motion of the slag liquid, destroying the
formation and maintenance of the vortex and causing the number and size of the vortices
to decrease.

 

  
(a) (b) (c) 

  
(d) (e) (f) 

Figure 5. Velocity streamline diagram at a converter angle of 100◦: (a) 1 s; (b) 30 s; (c) 67 s; (d) 72 s;
(e) 75 s and (f) 80 s.

It can be seen that when a tangential vector appears above the tundish nozzle, the
steel liquid vortex begins to form. As the vortex develops, the turbulence of the steel liquid
streamlines above the tundish nozzle increases, and the steel liquid vortex becomes stronger
and gradually forms a whirlpool, which begins to roll into the slag, forming a phenomenon
of swirling slag. With the increase in the slag amount during the steel pouring process, the
turbulent motion of the slag liquid destroys the connection of the vortex, resulting in the
gradual disappearance of the vortex.
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3.3. Comparison of Flow Field with Different Converter Tilt Angles

When the converter tilt angle is fixed, the self-gravity of the fluid in the steel ladle forms
a static pressure difference, which is the energy source for the development of vortex motion.
Figure 6e–h shows the position enlarged velocity flow diagram of the red box in Figure 6a–d.
The red line in Figure 6e–h is the slag layer. Due to the angle of 129◦ between the tapping hole
and the left wall, and the angle of 100◦ between the tapping hole and the furnace wall, as the
tilt angle of the converter increases, the vortex currents in the slag layer gradually shift from
above the tapping hole to the right side, reducing the tangential velocity and disturbance of
the slag layer. When the converter is tilted at an angle of 105◦ and the tapping time is 40 s,
the angles on both sides of the tapping hole tend to be symmetric, and the tangential vector
becomes very small (Figure 6). This suppresses the development of a slag layer vortex, even
approaching a converging vortex [18]. In other words, when the tilt angle of the converter is
105◦, the vortex in the slag layer has basically stopped rotating.

 
(a) (e) 

 
(b) (f) 

(c) (g) 

 
(d) (h) 

Figure 6. Velocity vector diagram at converter angles (a) 90◦, (b) 95◦, (c) 100◦, (d) 105◦, and streamlines
diagram at angles (e) 90◦, (f) 95◦, (g) 100◦, (h) 105◦.
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The monitoring standard for slag entrapment is to measure the flow rate of slag by
monitoring the cross-section of the tapping hole during steelmaking. The onset times of
vortex entrainment for converter angles of 90◦, 95◦, 100◦, and 105◦ are 43.55 s, 66.44 s,
68.80 s, and 72.30 s, respectively. The stable development times of vortex entrainment are
54.10 s, 70.36 s, 70.95 s, and 74.26 s, respectively. Vortexes exist from the beginning of the
steel flow, even if the steel–slag interface is not concave, but vortex motion has formed at
the bottom. With an increase in converter angle, the tangential vector above the tapping
hole tends to be symmetrical, and the duration of stable vortex entrainment decreases.
As the initial tangential disturbance is the main factor for the vortex formation [19], the
asymmetry of the tangential vector above the tapping hole leads to different onset and
development times for the vortex.

According to Figure 7, when slag occurs at different angles of the converter, the
remaining liquid steel in the converter is 5.12m3, 1.45m3, 0.80m3 and 0.54m3, respectively.
When the tapping hole is close to the vertical ground, the angle of the converter has little
effect on the timing of slagging, but it has a significant impact on the speed of the tapping
hole. As the tapping hole is vertical to the ground, the static pressure above the tapping
hole caused by gravity is the largest, and the steel liquid flow rate at an angle of 100◦ is the
fastest. Due to the special nature of the converter’s tapping hole, the angles of the left and
right walls of the tapping hole are inconsistent, so when the angle of the converter is 105◦,
the tapping speed is slightly reduced, and the timing of slagging is delayed.

 

(a) (b) 

 
(c) (d) 

Figure 7. The variation trend of (a) slag mass flow; (b) steel mass flow; (c) steel volume in converter
and (d) tapping velocity with flowing time when the tilting angle of the converter is 90◦, 95◦, 100◦,
or 105◦.

When the converter angle is 100◦ (Figure 8c), the maximum steel pouring velocity is
obtained. At this time, the pouring angle is perpendicular to the center of the bottom of the
ladle, and the distribution of the velocity vector inside the ladle is nearly symmetrical. This
is because the wall above the taphole of the converter is an asymmetric interface, which
causes the velocity vector distribution in the pouring of molten steel to be incompletely
symmetrical. When the converter angle is 105◦ (Figure 8d), the stagnant area of the molten
pool vector inside the ladle is larger. The pouring velocities of molten steel are relatively
close at converter angles of 100◦ and 105◦. However, due to differences in the pouring
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location and angle deviation, the inner wall of the ladle on one side is eroded when the
converter angle is 105◦. This is because as the pouring angle of the molten steel increases,
the number and size of the vortex will change. When the molten steel flows into the
ladle at a larger angle from the nozzle, the eddies generated in the molten pool can more
strongly disturb the molten pool, thereby increasing the turbulence level in the molten
pool [20]. This helps to mix the chemical components in the molten pool, thus improving
the uniformity and quality of the molten steel and reducing the temperature gradient in
the molten pool.

 

 
(a) (b) 

(c) (d) 

Figure 8. Velocity vector diagram of the ladle at different tapping angles of the converter: (a) 90◦;
(b) 95◦; (c) 100◦; (d) 105◦.

In the late stage of steelmaking, alloy materials are added to the steelmaking furnace.
The influencing factors of the movement trajectory and residence time of alloy particles in
the molten steel include the physical and chemical parameters of the alloy particles, the steel
flow field [21,22], and the location where the alloy particles are added to the steelmaking
furnace [20,23,24]. In fact, the alloying process of alloy particles in the steelmaking furnace
is mainly carried out by the mechanisms of diffusion and mixing. Diffusion refers to the
free diffusion of alloy elements in the steel, and mixing refers to the process in which the
turbulent action formed in the steel promotes the mixing of the steel and slag in the molten
steel. Therefore, when the angle of the converter is between 100–105◦, it is suitable to add
alloy particles to the molten steel in the steelmaking furnace. At this time, the flow rate of
the steel liquid is relatively high, and the critical height of the molten slag in the converter
is relatively low.

3.4. Influence of Different Tapping Hole Sizes on the Flow Field

Figure 9 shows the mass flow rate of steel, slag, and molten steel velocity, as well as
the residual volume of molten steel in the converter during the second tapping process
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with different tapping hole diameters (a) 200 mm, (b) 210 mm, and (c) 220 mm, for 50 s. The
time when vortex currents start to roll slag is 68.80 s, 62.64 s, and 57.11 s, respectively. The
time when vortex currents start to develop stably is 70.95 s, 64.49 s, and 58.00 s, respectively.
As the diameter of the tapping hole increases, the time for the vortex to reach the tapping
hole shows a decreasing trend. The residual volume of molten steel in the converter is
0.80 m3, 0.77 m3, and 0.73 m3, respectively, when the different tapping hole diameters start
to roll slag, indicating that the critical height of the vortex decreases with an increase in the
tapping hole diameter. This is because, during the tapping process, the effect of the tapping
hole diameter on the initiation of the vortex is much smaller than the effect of the mass
flow rate of the molten steel from the tapping hole. With a larger tapping hole diameter,
the mass flow rate of molten steel increases, and the liquid level drops faster. Although the
critical height of the liquid level for vortex formation is lower, the development time of the
vortex accelerates, and the time for the vortex to reach the tapping hole becomes shorter.

 
(a) (b) 

 
(c) (d) 

Figure 9. The variation trend of (a) slag mass flow; (b) steel mass flow; (c) steel volume in converter,
and (d) tapping velocity with flowing time when the tilting hole sizes of the converter are 200 mm,
210 mm, or 220 mm.

However, overall, the effect of increasing the tapping hole diameter on the formation
of the vortex is not significant. However, there is a phenomenon where periodic oscillations
occur in the flow of molten iron from the taphole when the taphole diameter is increased to
220 mm, which disappears only at the end of tapping. This “oscillation” phenomenon is
due to the dynamic instability of the steel in the converter. The occurrence of oscillation
tapping can cause fluctuations in the quality of the steel in the furnace, thereby affecting
the stability and efficiency of the steel production process. Increasing the taphole diameter
of the converter will increase the tapping speed, reduce the surface tension of the molten
steel, and reduce the viscosity of the molten steel.

When the diameter of the tapping hole is small, the flow of molten steel is mainly
restricted by the hole size, and the flow rate is relatively stable, so it is not easy to cause
oscillation. However, when the diameter of the tapping hole increases, the degree of
restriction on the flow of molten steel decreases, and the instability of the flow increases,
making it easy to cause oscillation. The fluid flow inside the furnace and the velocity and
mass flow rate at the tapping hole are closely related. As shown in Figure 10, when the
diameter of the tapping hole increases from 200 mm to 220 mm, the symmetric vector
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position in the converter is closer to the top of the tapping hole. When the diameter of the
tapping hole is 220 mm, the internal flow structure of the converter changes after 50 s of
flow (Figure 10c), which produces a large vortex, further causing the flow of molten steel
to oscillate. When the flow velocity at the tapping hole increases, the kinetic energy of
the molten steel also increases, and therefore the mass flow rate also increases accordingly.
Figure 10g shows clearly the counteractive effect of two vortices [25]. When the flows meet,
the counteractive effect reduces the tangential velocity between the top of the tapping hole,
suppresses the formation of the free surface vortex, and reduces the height of the adjacent
vortex slag. Therefore, a diameter of 210 mm for the steel tapping hole is the optimal choice,
as it can reduce the tapping time of the converter without changing the internal flow field
structure of the converter.

  
(a) (b) (c) 

  
(d) (e) (f) 

Figure 10. Velocity vector distribution of converter tapping hole with diameters of (a) 200 mm, (b) 210 mm,
and (c) 220 mm, as well as (d) 200 mm, (e) 210 mm, and (f) 220 mm velocity streamlines distribution.

4. Conclusions

This paper uses the VOF multiphase flow model and combines it with the 300 t
converter steelmaking process to establish a slag entrainment by vortex Flux model for the
converter steelmaking process. By discussing the converter steelmaking process at different
converter angles and different steel tapping orifice diameters, the following conclusions
can be drawn:

1. As the steel pouring process continues, the vortex develops into a whirlpool due to
the appearance of tangential vectors above the converter taphole, and the phenomenon of
swirling slag occurs. At the end of the steel pouring, as the amount of slag increases, the
turbulent motion of the slag liquid disrupts the connection of the vortex, resulting in the
gradual disappearance of the vortex.

2. When the converter angle is 90◦, 95◦, 100◦, and 105◦, the vortex slagging times
are 43.55 s, 66.44 s, 68.80 s, and 72.30 s, respectively. As the converter angle increases, the
time for forming a stable vortex becomes shorter. When the converter angle is between
100–105◦, the internal flow field of the steelmaking furnace is more suitable for adding
alloy particles.

3. When the steel tapping orifice diameter is 200 mm, 210 mm, and 220 mm, the steel
liquid residue starts to swirl at 0.80 m3, 0.77 m3, and 0.73 m3, respectively. The initiation
times of vortex slag were 68.80 s, 62.64 s, and 57.11 s, respectively. The stable development
time of vortex slag was 70.95 s, 64.49 s, and 58.00 s, respectively. When the steel tapping
orifice diameter is 210 mm, the steel tapping speed can be increased without affecting the
internal flow field structure of the converter. When the steel tapping orifice diameter is
220 mm, the mass flow rate of the steel tapping orifice shows an “oscillating” phenomenon.
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Abstract: The wear resistance and hardness of stainless steel (SS) balls formed by cold skew rolling
are effectively improved due to the change in internal microstructure. In this study, based on the
deformation mechanism of 316L stainless steel, a physical mechanism-based constitutive model was
established and implemented in a subroutine of Simufact to investigate the microstructure evolution
of 316L SS balls during the cold skew rolling process. The evolution of equivalent strain, stress,
dislocation density, grain size, and martensite content was studied via simulation during the steel
balls’ cold skew rolling process. The corresponding skew rolling experiments of steel balls were
carried out to verify the accuracy of the finite element (FE) model results. The results showed that the
macro dimensional deviation of steel balls fluctuates less, and the microstructure evolution agrees
well with the simulation results, which proves that the established FE model has high credibility. It
shows that the FE model, coupled with multiple deformation mechanisms, provides a good prediction
of the macro dimensions and internal microstructure evolution of small-diameter steel balls during
cold skew rolling.

Keywords: steel ball; skew rolling; microstructure; cold forming; stainless steel

1. Introduction

Steel balls, as one of the critical components of ball bearings, directly influence the
dynamic performance, reliability, and life of the bearings. Numerous researchers have
conducted in-depth research on the steel ball skew rolling process, which has dramatically
deepened the understanding between the microstructure and performance of steel balls.
However, most of them are limited to the hot skew rolling process in the formation of steel
balls with larger diameters, and there needs to be more research on steel balls with small
diameters. The forming of small-diameter steel balls is more complicated than that of large-
diameter steel balls, the equipment and process parameters required are stricter and more
precise, and the forming defects and dimensions of the steel balls are more challenging to
control rigorously. In addition, most of the research on steel ball materials is concentrated
on the steel GCr15, while more research needs to be conducted on stainless steel (SS) balls.
Compared with GCr15, 316L SS exhibits better rust and corrosion resistance [1]. Bearings
manufactured with SS can be used in liquids and have stronger heat resistance and are
widely used in medical devices, cryogenic engineering, optical engineering, high-speed
motors, and other fields.

Several studies have examined the influence of process parameters on the steel balls’
skew rolling forming process. Pater et al. [2] discussed the production process of the multi-
wedge spiral rolling process in the formation of steel balls. They analyzed the temperature,
stress, strain, force, and movement during the forming process. Gontarz et al. [3] studied
the effect of skew groove patterns on obliquely rolled steel balls and analyzed the strain,
damage, and temperature distribution during the forming process. Tomczak et al. [4]
optimized the spiral indentation of the die during the oblique rolling of steel balls, proposed
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a design method for the spiral indentation, proposed a die correction method based on
it, and verified the effectiveness of the optimized die method by simulation and forming
experiments. Liu et al. [5] analyzed the production process of small-diameter steel balls,
discussed the influence of process parameters on the forming quality of steel balls, and
analyzed the stress, strain, rolling force, and work-hardening distribution of steel balls,
and successfully trial-produced small-diameter steel balls with the required dimensional
accuracy. The above studies mainly focus on the hot skew rolling process of steel balls, while
steel balls with small diameters are more suitable for cold forming due to the small size
and fast heat loss during the hot rolling process. Moreover, the macroscopic dimensional
fluctuations and internal microstructure evolution during the cold skew rolling of steel
balls have an important influence on their performance and service life, so research on the
cold skew rolling process of steel balls is urgently needed.

During deformation, the deformation mechanism of austenitic SS is highly dependent
on the stacking faults energy (SFE), which is the crucial parameter determining whether
mechanical twinning, martensitic transformation, and dislocation slipping dominate the
deformation process of the material. The deformation mechanism of metals with low SFE
will change from dislocation slip to deformation twinning or martensitic transformation,
which is significant for the hardening of the material. For the deformation mechanism
of austenitic SS under rolling conditions, Zhang et al. [6] investigated the strain-induced
martensite behavior of 316L SS during rolling at different temperatures. After warm rolling
deformation, they found that both slate-like martensite and dislocation-type martensite
were present in the microstructure, containing both dislocations and deformation twins.
Xiong et al. [7] similarly studied the evolution of microstructure and mechanical properties
of 316LN SS after cold rolling at different strains. They found that the deformation mecha-
nisms during low-temperature rolling were mainly composed of high-density dislocations,
deformation twinning, and martensitic transformation. Eskandari et al. [8] investigated the
changes in the deformation-induced martensite volume fraction and mechanical properties
of 316L SS under cold rolling process conditions, which showed that decreasing the rolling
temperature and increasing the pre-strain could increase the martensite volume fraction
and, at the same time, refine the grain size, with a minimum of 30–40 nm grain size. The
obtained nanocrystalline SS exhibited excellent tensile strength.

The constitutive model based on the physical mechanism enables reflection of the con-
nection between the macroscopic deformation behavior and the material’s microstructure.
Huo et al. [9] studied the forming process of bearing steel balls with a diameter of 30 mm
during warm skew rolling. They developed an internal state variable constitutive model to
predict the microstructure evolution. Then, the experimental and simulation results verified
the availability of the developed model. Ran et al. [10] established a multiscale model with
coupled damage, grain size, and surface layer models to describe the ductile fracture and
deformation behavior during the micro-forming of multiphase alloys and elucidated the
relationships between size effects, fracture energy, and expected fracture strain during the
micro-forming. Chen et al. [11] developed a constitutive model considering the kinetics of
twinning and martensitic transformation using the mixing law to investigate the impact
processes during the mechanical abrasion treatment of surfaces. Liu et al. [12] established a
constitutive model coupling the electricity and size effect, studied the influences of current
density and grain size on the forming process in the electro-assisted forming, and captured
the abnormal evolution of surface effect by using the proposed constitutive model.

This work aims to implement a physical mechanism-based constitutive model coupling
dislocation slip, martensitic transformation, and grain refinement in the finite element
software Simufact 16.0. Establishing the FE model of the small-diameter steel ball skew
rolling process is conducive to investigating the macro size and microstructure evolution of
cold-rolled steel balls and provides a theoretical basis for the microstructure control in the
process of cold skew rolling of steel balls.
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2. Development of a Mechanism-Based Constitutive Model of 316L under
Cold Deformation

2.1. Establishment of Multiscale Constitutive Equations

As the martensite transformation of 316L stainless steel will occur during cold plastic
deformation, the microstructure after deformation consists of austenite and martensite.
Therefore, the mixture law describes the macroscopic flow stress of the dual-phase material.
The macroscopic flow stress can be expressed in the following formula:

σ = σA(1 − fM) + σM fM (1)

where σA, σM are the stress of austenite and martensite, and the stress of martensite can be
calculated by:

σM = σ0 + αMGMbM
√

ρM (2)

where σ0 is the yield strength of martensite. α, M, GM, bM, and ρM are the material constants
reflecting the dislocation interaction, the Taylor factor, the shear modulus, the magnitude
of the burger vector, and the dislocation density of martensite, respectively. The value can
be determined by the empirical formula [13]:

σ0(MPa) = 461 + 1310 ×
√
(wt.%C) (3)

Austenitic stress is composed of grain boundary resistance σG and dislocation density
resistance σp [14]:

σA = σG + σρ (4)

σG can be expressed by the Hall–Petch equation, and σρ is related to mean dislocation
density [15]:

σG = σy0 +
Ks√

d
(5)

σρ = αMGAbA
√

ρA (6)

where σy0 is the initial stress, Ks is the parameter indicating the Hall–Petch slope, and d is
the grain size. The evolution of dislocation density in austenite can be denoted as:

.
ρA =

∣∣ .
ε
∣∣

bAΛs
− ΩρA

∣∣ .
ε
∣∣ (7)

where
.
ε is the plastic strain rate, and Ω is the content describing dynamic recovery. Λs is the

mean free path of dislocation density in austenite, which is related to grain size, dislocation
density, and martensite volume fraction:

1
Λs

=
1

kdd
+

√
ρA

ks
+

fM
kMtM(1 − fM)

(8)

where kd, ks, kM are material constants, and tM is the thickness of the martensite lath; fM is
the volume fraction of martensite.

In this paper, the martensitic transformation model proposed by Wong et al. [16] is
adopted. It is believed that the volume fraction of martensite is related to the martensite
nucleation rate

.
NM and the volume of newly formed martensite VM:

.
f M = (1 − fM)VM

.
NM (9)

.
NM can be expressed by the following equation:

.
NM =

.
N0PMPnsc (10)
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where
.

N0 is the potential martensitic nucleation density in unit time, Pnsc is the probability
that cross-slip does not occur. PM is the probability of the formation of a martensite lath:

PM = exp[−(
σc

tr
σM

)
m
] (11)

where m is the model parameter, σc
tr is the critical stress of martensitic transformation, and

σM is the stress applied to the martensite.

σc
tr = σ0

tr +
Ktr√

d
(12)

where σ0
tr, Ktr are the model parameters. The volume of the newly formed martensitic slats

can be characterized as:
VM =

π

4
Λ2

MtM (13)

where ΛM is the mean free path of the dislocation in the martensite phase.

1
ΛM

=
cγ

d
+ cm

√
ρM (14)

where cγ and cm are the model parameters. The change rate of dislocation density in
martensite is given [17]:

.
ρM =

∣∣ .
ε
∣∣( 1

bMΛM
− kaρM) (15)

where ka is the parameter representing the dislocation annihilation. During plastic de-
formation, the grain of material will be refined, and the grain refinement model can be
expressed as:

dε = d0

[( K√
ρA

)
da + (1 − fM)db ]

2
(16)

where da and db are the model parameters, d0 is the initial grain size, and K is the
model parameter.

2.2. Solution of Model Parameters

The model is composed of highly coupled differential equations, and there are a
total of 24 parameters, so analytical solutions can hardly be obtained. Therefore, the
genetic algorithm toolbox in the software package Matlab 2021b is used to solve the model
parameters with the goal of residual error between experimental and predicted values.
The details of the solution procedure can be found in Ref. [18], and the determined model
parameters are given in Table 1.

Table 1. Identified parameters of 316L SS constitutive model.

Parameters Values Parameters Values

σy0 (MPa) 1.0000 ×101 σ0
tr (MPa) 7.0746 × 102

Ks (MPa·μm1/2) 6.5222 × 102 Ktr (MPa·μm1/2) 1.1347 × 102

Ω 1.0515 × 10−1 ka 4.1500 × 101

kd 2.1464 × 10−6 .
N0 3.1500 × 1017

ks 3.9676 × 101 da 1.5088 × 10−1

kM 1.5520 × 103 db 4.1151 × 10−1

m 2.4255 × 102 K 1.0000 × 105

cm 1.1090 × 10−1 α 4.0200 × 10−1
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Table 1. Cont.

Parameters Values Parameters Values

cγ 7.7166 × 106 bM (nm) 1.4700 × 10−1

σ0 (MPa) 6.8790 × 102 M 3.06 × 100

bA (nm) 2.5600 × 10−1 GA (MPa) 7.5000 × 104

tM (μm) 1.1000 × 100 GM (MPa) 8.0000 × 104

3. Validation of Numerical Simulation of Cold Skew Rolling

3.1. FE Modeling

A skew rolling process FE model considering the physical mechanism-based constitu-
tive model of steel balls is developed in the FE software Simufact 16.0, as shown in Figure 1.
The FEM consists of two rolls, two guide plates, a guide pipe, and a workpiece. Due to
the little plastic and elastic deformation, the guide plates and rolls are set as rigid bodies.
The workpiece used in the simulation is the 316L SS wire with a diameter of 3 mm. The
density, Young’s modulus, and Poisson’s ratio of 316L SS are 7966 kg/m3, 192 GPa, and 0.3,
respectively, and its chemical composition is listed in Table 2. In this work, the workpiece
is assumed to be a homogeneous isotropic plastic body, the mesh type is hexahedral, and
the number of elements is approximately 19,300. The Coulomb friction model is used, the
friction coefficient between the rolls and guide plates is 0.2, while it is 0.1 for the friction
coefficient between the rolls and the workpiece [19]. In addition, the initial grain size
of 316L SS is 16μm, and the initial dislocation density of martensite and austenite are
1 × 1010 m−2 and 1 × 1012 m−2, respectively.

 

Figure 1. FE model of the cold skew rolling process of steel balls.

Table 2. Chemical composition of 316L SS.

C Mn Si Cr Ni Mo Fe

0.03 1.74 0.27 16.82 10.26 2.08 Bal.

3.2. Experiment Detail

An experiment of steel ball skew rolling was carried out on the newly designed skew
rolling mill, as shown in Figure 2. Two servo motor systems drive the rolls of the skew
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rolling mill. Before the rolling experiment, 2 rolls deflect the same angle around the axis
but along the reverse directions, and the deflection angles are nearly 2 and −2 degrees,
respectively. During the rolling process, two rolls rotate in the same direction and drive the
workpiece forward, and the workpiece gradually forms steel balls under the extrusion of
roll grooves.

 

Figure 2. Experimental skew rolling mill and workpiece.

3.3. Comparison of Steel Ball Diameter

A total of 20 steel balls were randomly selected from the finished steel balls and their
arbitrary section diameters were measured by the SZM-45T1-560H stereomicroscope; the
results are shown in Figure 3. It can be seen from the figure that the diameter of steel balls
ranges from 3.114 to 3.126 mm. The mean square error of the selected balls’ diameter is
calculated to further evaluate the dimensional accuracy of the steel ball.

Figure 3. Comparison of the diameter values of steel balls: (a) experimental results and (b) simulation
results.

The standard size of the steel ball diameter is 3.12 mm, and then the mean square
deviation can be obtained. The calculated mean square deviation from the selected steel
balls is 0.004, which means the diameter has less data dispersion, indicating that the
macroscopic size of the steel balls has high accuracy. As shown in Figure 3b, the diameter
of the steel balls obtained from the simulation is 3.159 mm, close to the standard size. This
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indicates that the established FE model has good prediction accuracy for the macroscopic
size of cold-skew-rolled steel balls.

3.4. Comparison of Steel Ball Microstructure

In order to verify the predictive accuracy of the developed FE model based on the
dislocation density of the microstructure of the steel ball, four points on the transverse
section of the steel balls are selected for microstructure characterization, and the exact
positions are also taken in the simulation results. Initially, the steel balls were cut along
the transverse section, and one half was selected for mechanical polishing, followed by
electrochemical polishing in a 25% perchloric acid alcohol solution for 30 s. Finally, EBSD
observation was performed on different positions of the steel ball, and the results were
analyzed by HKL Channel 5 software. The comparison between the experimental and
simulation results is shown in Figure 4. As can be seen from the figure, the grain size
gradually decreases from the center to the surface, and the simulation results are in good
agreement with the experiment. Due to the large deformation on the surface of the steel
ball, the grain refinement phenomenon is more prominent, while the grain in the center is
relatively coarse due to the small deformation.

 

Figure 4. Comparison of grain size at different positions in transverse section of steel balls:
(a) experimental results and (b) simulation results.

Figure 5 shows the comparison of the volume fraction of martensite between the
simulation and experiment. Because of the randomness of EBSD measurement results, XRD
was used to analyze the martensite content of steel balls quantitatively. The martensite
content of the transverse sections of three steel balls was measured to ensure the accuracy of
the results. The martensite content was determined by X-ray (Rigaku Ultima IV) equipped
with a Cu − Kα lamp with a scanning angle range of 30~110◦ and a step setting of 0.02◦. In
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addition, (111)γ, (200)γ, and (220)γ diffraction peaks of austenite and (110)α′ , (200)α′ , and
(211)α′ diffraction peaks of martensite were selected to calculate the content of martensite
by the following equation [20]:

Vα =
1/n ∑n

j=1 I j
α′ /Rj

α′

1/n ∑n
j=1 I j

α′ /Rj
α′ + 1/n ∑n

j=1 I j
γ/Rj

γ

(17)

where n, I, and R are the number of diffraction peaks, intensity factor, and material scattering
factor of the corresponding phase, respectively. The results show that the simulation results
agree with the experimental results, indicating that the developed FE model has a good
prediction accuracy on the martensitic transformation during the cold skew rolling process
of steel balls.

 

Figure 5. Comparison of volume fraction of martensite: (a) experimental results and (b) simulation
results.

Figure 6 shows the comparison of dislocation density at different positions in the steel
ball transverse section between experimental and simulation results. The simulation and
experimental measured dislocation densities are of the same magnitude, and the values are
close, so the FE model can be considered to have good prediction accuracy. It should be
noted that the dislocation density obtained from the simulation is the average dislocation
density, which is calculated by mixing the austenite and martensite dislocation densities
and the volume fraction of each phase according to the mixing rule. Since the developed
model is based on the dislocation density, the comparison results of the dislocation density
further demonstrate the model’s reliability in predicting the microstructure evolution of
steel balls during the skew rolling process.
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Figure 6. Comparison of dislocation density at different positions in transverse section of steel balls:
(a) experimental results and (b) simulation results.

4. Numerical Simulation Analysis of the Skew Rolling Process

4.1. Equivalent Strain and Stress of Small-Diameter Steel Balls

The equivalent strain and stress in the longitudinal section of the steel ball during skew
rolling are illustrated in Figure 7. During the ball-forming process, the radial compression
occurs at the linking neck under the action of the roll ridges. The diameter of the linking
neck gradually decreases, and the diameter of the steel ball in the groove gradually increases.
The equivalent strain at the linking neck is the largest, while the equator part of the steel ball
has a minor strain due to the smaller deformation than other parts. When the workpiece
is knifed into the roll grooves, the equivalent stress on the part of the steel ball in contact
with the convex edge is the most extensive. Due to the different amounts of deformation,
the equivalent stress at the pole part is greater than the equator part in the sphere. The
equivalent stress decreases gradually from the outer layer to the inner layer, and the overall
stress value of the steel ball is moderate.

Figure 8 illustrates the equivalent strain and stress in the transverse section of the
steel ball. The outer surface of the steel ball has the most significant strain. In contrast, the
ball’s core has a minor strain because the ball’s surface layer receives the most considerable
deformation, and the deformation amount decays from the ball’s surface to the core. The
deformation penetration effect on the ball core is insignificant, finally showing the gradual
decrease in equivalent strain from the ball surface to the center. It can be found from
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Figure 8b that the stress distribution in the center is also less than that in the surface, and
the area with maximum stress is located at the contact area with the rolls.

Figure 7. The strain and stress contour along the longitudinal section of the steel ball: (a) equivalent
strain and (b) equivalent stress.

Figure 8. The strain and stress contour along the transverse section of the steel ball: (a) equivalent
strain and (b) equivalent stress.

4.2. Microstructure of Small-Diameter Stainless Steel Balls

Figure 9 shows the dislocation density of martensite and austenite of the steel balls
during the skew rolling process. Since the dislocation density of austenite is related to the
deformation, the distribution pattern of the dislocation density of austenite is identical
to that of strain. The linking neck between the balls has the most significant dislocation
density due to the most severe deformation. The part close to the linking neck also has an
amount of dislocation density. On the transverse section, the austenitic dislocation density
gradually increases from the ball center to the surface. The martensitic dislocation density
is not solely related to deformation, which is also related to grain size, and the refined
grains will have an inhibitory influence on the martensitic transformation [21]. Therefore,
the difference in martensite dislocation density from the center and surface of the ball is
relatively slight.

A total of five testing points were selected on the transverse and longitudinal sections
of the steel ball to measure the microhardness at different positions of the ball. The testing
results are shown in Figure 10. It can be seen that the microhardness continuously increases
from the ball center to the surface in both the transverse and longitudinal sections. The only
difference is that the variation in the longitudinal section exceeds that in the transverse
section. The hardness is highest at point C near the linking neck, and the results are
consistent with the dislocation density distribution pattern. The high hardness of the steel
ball surface can effectively improve the wear resistance of the steel ball, while the softer
part of the ball’s center can improve the impact resistance.
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Figure 9. The dislocation density contour of steel balls (a) in austenite and (b) in martensite.

 

Figure 10. Microhardness of different positions in steel balls.

The grain size of the steel balls during the skew rolling process is shown in Figure 11.
Because grain refinement is directly correlated to the amount of deformation, the grain size
is smaller in the area with more significant deformation. The refined grains on the surface
of the steel balls effectively improve the steel balls’ comprehensive mechanical properties
and corrosion resistance.

Figure 12 depicts the martensite volume fraction of the steel balls during the skew
rolling process. In the transverse section of the steel ball, because the surface grain refine-
ment is more noticeable than the core grain refinement, it will inhibit the formation of
martensite. Hence, the martensite content of the surface layer is low, and the center part
is slightly high, but the distinction is very slight. In the longitudinal section of the steel
ball, due to the deformation of the linking neck part of the steel ball being the largest, the
grain refinement is also the most significant, resulting in a reduction in grain size, which
will lead to the inhibition of martensitic phase transformation [22]. Meanwhile, because the
deformation of the center part is small, the grain size is relatively large. Then, martensite is
more easily generated, finally showing that the martensite content of the linking neck part
and the ball center part is almost equivalent. The martensite distribution inside the steel
ball is relatively uniform.
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Figure 11. Grain size distribution of steel balls during the skew rolling process in (a) the longitudinal
section and (b) the transverse section.

 

Figure 12. Martensite volume fraction of steel balls during skew rolling process in (a) the longitudinal
section and (b) the transverse section.

5. Conclusions

In this study, we investigated the microstructure evolution of steel balls during the
cold skew rolling process via a multiscale constitutive model coupling martensite and grain
refinement. The main conclusions drawn are as follows:

1. Based on the mixing rule, a multiscale constitutive model of 316L SS was established
by coupling martensitic transformation and grain refinement. By embedding the
developed model into the FE software Simufact 16.0, a numerical simulation model of
the cold skew rolling process of small-diameter 316L SS steel balls was developed.

2. The simulation results were compared with the experimental results to verify the
reliability of the established simulation model. It is found that the diameter size,
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dislocation density, grain size, and martensite content of the steel balls are in good
agreement, which proves the prediction capability of the established model.

3. The dislocation density in the large deformation of the steel balls is high. Consequently,
the grain size in there is relatively small, which was determined through the analysis of
the numerical simulation of microstructure evolution. Observing from the transverse
section of the steel ball, the martensite content exhibited a slight difference between
the areas in the surface and core. The martensite content in the longitudinal section of
the steel ball was uniformly distributed in each region.
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Abstract: The present study aimed to investigate the effect of cold deformation on the precipitation
kinetics of a binary CuSc alloy containing 0.4 wt.% scandium using the experimental analysis method
of differential scanning calorimetry (DSC). Non-deformed and 75% cross-section-reduced cold-rolled
supersaturated specimens were tested in non-isothermal DSC runs at up to five different heating rates.
The DSC results showed that cold rolling significantly accelerated the precipitation process in the
binary alloy, leading to a decrease in the initial and peak temperatures of the exothermic reactions. The
activation energies calculated with the Kissinger method indicated that the precipitation activation
energy decreased with increasing cold deformation. The findings of this study provide worthy
implications to further optimize the processing of Cu-Sc alloys with improved mechanical properties.

Keywords: copper–scandium CuSc; copper alloy; differential scanning calorimetry DSC; precipitation
kinetics; cold-working; cold-rolling; activation energy; Kissinger method

1. Introduction

Microalloyed copper alloys are used in many areas of industry, exhibiting high elec-
trical and thermal conductivity as well as increased mechanical strength [1]. Therefore,
they are frequently used for signal cables, connectors, or welding electrodes, particularly
in the electrical industry. There are several hardening mechanisms for copper, which is
very soft in its pure state [2], that can bring about the desired properties. One of the most
important in this context is precipitation hardening, which allows both, the otherwise
conflicting mechanical strength of an alloy and the electrical conductivity to be increased
by optimizing the microstructural properties during specific heat treatments [2–5].

However, a conflict arises from the fact that precipitates can act as scattering centers for
current flow. The smaller and more numerous the precipitates are, the more they impede
the flow of electric current and reduce the conductivity of the material [6]. To balance the
trade-off between mechanical strength and electrical conductivity, it is essential to carefully
control the size, distribution, and morphology of precipitates. This can be achieved through
a combination of processing conditions such as heating rate, aging temperature, and prior
cold working, as well as the alloy composition [2,3,6,7].

Recently published studies by Franczak et al. [8] and Dölling et al. [9] have shown
that a combination of copper and scandium has potential in terms of electrical conductivity
and mechanical strength, in addition to having advantages in terms of recrystallization
behavior and grain refinement [9–11]. In particular, cold working prior to hardening of the
precipitates increases the density of dislocations and strain-induced defects in the material,
creating more nucleation sites for fine precipitates to form.
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Figure 1 shows the phase diagram of binary Cu-Sc alloy. The maximum solubility
of scandium in copper is reported to be 0.35 wt.% at 865 ◦C [12–14] and decreases with
decreasing temperature, leading to the possibility of precipitation formation in binary
Cu-Sc alloy [15].

(a) (b) 

Figure 1. Phase diagram of the binary Cu-Sc system calculated with the Thermo-Calc SGTE database
(2022a): (a) overall; (b) magnification of the copper-rich area [9].

Hao et al. investigated the precipitation behavior and hardening effects of a highly
deformed and cryorolled CuSc0.4 wt.%. The precipitation reaction started initially from the
supersaturated solid solution, forming Sc-rich atomic clusters. Subsequently, these formed
coherent lamellar precipitates and became increasingly detached from the matrix structure
to become tetragonally-oriented lamellar Cu4Sc precipitates [11,16]. The precipitation
strengthening that occurs at this point is described by Hao et al. as a combination of
coherent strengthening with significant matrix distortion and presence of the incoherent
Orowan bypass mechanism at larger precipitate sizes [11,17].

To optimize precipitation treatments for materials with desired properties, differential
scanning calorimetry (DSC) can be used to develop a deeper understanding of the under-
lying precipitation mechanisms. DSC analysis is a common thermal analysis technique
that measures the heat flow into or out of a material as a function of temperature and time.
Therefore, it can detect reactions within the microstructure as exothermic (precipitation and
recrystallization) or endothermic (dissolution) processes [18,19]. This analysis provides
valuable information about the thermal behavior of a material, such as the melting point,
crystallization kinetics and phase transitions [18,20–22]. In the context of precipitation
kinetics, DSC analysis can be used to study the evolution of precipitates in a material during
aging or heating. By monitoring the heat flux, DSC provides information on precipitation
kinetics such as the nucleation and growth rate of precipitates, as well as the temperature
dependence of precipitation reactions [21,23,24].

An important parameter characterizing the kinetics of a reaction is the activation
energy, which can be obtained from DSC data using one of several available methods,
including the Kissinger [25,26], Ozawa [27,28], and Boswell [29] methods. This can be
used to predict the reaction behavior at different temperatures, such as the time required
to complete the reaction to a certain degree, or to predict the temperature at which the
reaction will occur. The Kissinger method is often the preferred approach for determining
the activation energy of precipitation reactions using DSC, as it assumes a single reaction
mechanism and only requires a single DSC measurement at each heating rate, making it
a simple and convenient approach that can provide valuable information for materials
science and engineering applications [23,30].
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This study aims to determine the activation energy required for the precipitation
reaction in an undeformed alloy and a 75% cold-worked CuSc0.4 alloy.

2. Materials and Methods

The composition of the alloy was analyzed using a specially calibrated optical emission
spark spectrometer (Spectrotest, SPECTRO Analytical Instruments GmbH, Kleve, Germany)
and determined to be Cu with a content of 0.40 wt.% Sc. From this, an ingot was cast on a
VC400 casting machine (Indutherm Blue Power Casting Systems, Walzbachtal, Germany)
utilizing the raw materials Cu-OFE and CuSc23 as a master alloy. Melting was performed
in a boron nitride-covered graphite crucible up to 1300 ◦C, which along with the casting
process was performed under vacuum conditions. After pouring in a graphite mold (heated
at 250 ◦C), the 5 mm thick bar was solution annealed at 870 ◦C for 120 min in a preheated
furnace (ME65/13, Helmut ROHDE GmbH, Prutting, Germany) and then quenched to
room temperature in circulated water. The as-quenched plate was divided and one part
was longitudinally cold rolled on a duo-roll stand (Bühler, Pforzheim, Germany) with
110 mm diameter rolls driven with a speed of 27 min−1.

Differential scanning calorimetry (DSC) analysis of Cu-Sc alloys was performed using
a Netzsch STA 449 C. The calorimeter calibration was performed thermally with Al2O3
crucibles by melting In, CsCl, Ag, and Au to obtain a baseline. The mass of the samples
ranged from 40 to 202 mg. Several measurements of the same heating rate with higher
sample mass resulted in identical curves, though with an increased signal-to-noise ratio
(SNR). During the heating process, a protective argon atmosphere (20 mL/min) and purge
gas (30 mL/min) were utilized, and an empty crucible was used as a reference. The
precipitation experiments were carried out using continuous heating rates (5, 10, 15, 20,
and 40 K/min) with a temperature ranging from room temperature (RT) to 750 ◦C. Data
output was performed with an accuracy of 0.5 ◦C; the error for the DSC measurements as
compared to the calibration measurements is shown in Table A1 of Appendix A.

The raw data from the DSC measurements were smoothed using a locally-weighted
linear regression with the second-degree polynomial (LOESS) function in MATLAB with a
span of 5%. Then, the second derivative of the function was calculated in order to determine
the initial and final temperatures of the exothermic peak (Ti and Tf), which can be seen
as inflection points in the curve. Estimation of the baseline of each curve was performed
by spline interpolation of the smoothed DSC signal, with the maximum difference value
between the smoothed DSC signal and the baseline indicating the peak temperature of the
exothermic reaction (Tp).

The activation energy of the precipitation of the Cu4Sc phase was calculated based on
the dependence of previously determined Tp temperatures on the heating rates using the
Kissinger equation [25,26] provided by

ln
(

V
Tp2

)
= C − E

RTp
(1)

where V is the heating rate, Tp is the peak temperature, C is a constant, E is the apparent
activation energy, and R is the molar gas constant. By plotting ln(V/Tp

2) as a function
of 1/Tp and fitting a linear regression line y to the data, the activation energy E can be
calculated from the slope of the line using the relationship

E = −slope × R. (2)

For microscopic analysis, one of the non-deformed CuSc0.4 specimens were heated
using an identical heating process with a heating rate of 10 K/min up to 610 ◦C and
cooled with the same temperature gradient. Thus, the microscopic evolution is directly
comparable to measured exothermic peaks during the precipitation reaction in the DSC.
Microstructure characterizations were observed with a scanning electron microscope (SEM)
(Gemini Sigma VP with the used NTS BSD (Carl Zeiss Microscopy Deutschland GmbH,
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Oberkochen, Germany)) operating at 12 kV and Bruker XFlash 6|30 detector (Bruker Nano
GmbH, Berlin, Germany).

3. Results and Discussion

The following chapter presents and discusses the results obtained from investigating
the effect of cold deformation on the precipitation kinetics of a binary Cu-Sc alloy. This
chapter is divided into three sections: DSC analysis, calculation of the activation energy,
and microscopic analysis. Each section provides a comprehensive examination of the
experimental findings and their implications for understanding the alloy’s precipitation
behavior with and without prior cold deformation.

3.1. DSC Analysis

During the DSC analysis, precipitation reactions with a clearly visible exothermic peak
appeared. Depending on the chosen heating rate, the location of this peak was slightly
different.

The DSC scans at different heating rates (10, 15, 20, and 40 K/min) for the non-
deformed CuSc0.4 specimen (Figure 2a) all show an exothermic peak (Exo) between 760 K
and 950 K. A closely related study by Dölling et al. [31] showed highly comparable curves
for a non-deformed CuSc0.3 alloy at a 10 K/min heating rate with a peak temperature
of 842.1 K. Furthermore, there was no recrystallization detected for non-formed Cu-Sc
specimens, resulting in only a single peak indicating the precipitation reaction.

(a) (b) 

Exo Exo

Figure 2. DSC scans of non-deformed CuSc0.4 alloy at heating rates of 10 K/min, 15 K/min, 20 K/min,
and 40 K/min (a); difference between heat flow and the baseline of the precipitation reaction (b).

The difference between the smoothed DSC signal and the baseline and spline inter-
polations is displayed in Figure 2b. Obviously, the maximum temperature of the Cu4Sc
precipitation shifts to higher values as the heating rate increases, implying that the precipita-
tion reaction is thermally activated. Similar findings have been reported for recrystallization
in cold-rolled pure copper [32], Cr clustering in equal-channel angular pressing (ECAP)
processed CuCrZr [1], and recrystallization phenomena in Cu–Ni–Si alloy processed by
high-pressure torsion (HPT) [33]. Due to the baseline shape extracted from the experiment,
the determination of the 20 K/min curve using spline interpolation resulted in an exagger-
atedly large area for the peak. At this point, manual adjustment of the baseline calculation
parameters was necessary. Despite this adjustment, the peak temperature Tp remained
unchanged, thereby keeping any potential impacts on the calculation of the activation
energy unaffected. Comprehensive insights pertaining to the interpolated baselines are
provided in Appendix A, Figure A1.
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With an increase in the heating rate, the temperature range at which the precipitation
reaction takes place is widened. In addition, the initial (Ti), peak (Tp), and final (Tf)
temperatures shift to higher values, which can be attributed to the kinetics of the reaction.
Reactions and transitions, such as precipitation or recrystallization, need time to transform,
resulting in a narrower time range at lower heating rates due to the longer duration. On the
other hand, at higher heating rates the time required to complete the reaction may not
be sufficient because of the limitations imposed by the kinetics. For this reason, the peak
expands at higher temperatures and widens with increasing heating rates.

However, scans of the non-deformed specimen at a heating rate of 5 K/min did not
show a significant peak, which is why it is not mentioned in this study.

Figure 3 shows the DSC scans of the 75% cold-rolled Cu-Sc specimen at all heating
rates (Figure 3a) and the differences between the precipitation peak curve and baseline
(Figure 3b). Again, the maximum temperature shifts to higher temperatures at higher heat-
ing rates. However, in direct comparison to the non-deformed specimen, the precipitation
reaction of the cold-rolled specimen starts about 100 K earlier (660–840 K).

(a) (b) 

Exo Exo

Figure 3. DSC scans of 75% cold-rolled CuSc0.4 alloy at heating rates of 5 K/min, 10 K/min,
15 K/min, 20 K/min, and 40 K/min (a); difference between heat flow and baseline of the precipitation
reaction (b).

In addition, the curves show the peak of the second exothermic reaction (indicated by
the number 1 with arrows), which can be attributed to recrystallization of the microstructure.
This investigation agrees with the findings of Dölling et al. [31] obtained with a directly
comparable experimental setup and raw materials.

The obtained peak temperature values related to Cu4Sc precipitation as a function
of heating rates are shown in Table 1. The temperature peaks ranged from 837.7 K to
872.3 K without prior cold deformation, while the peak temperatures of the 75% cold-rolled
specimens ranged from 711.7 K to 769.0 K. It is obvious that the temperature peaks of
the precipitation reaction decrease when increasing deformation is applied. This can be
attributed to the fact that cold rolling introduces various lattice defects such as dislocations
and vacancies into the material, which provide additional nucleation sites for precipitation,
leading to an accelerated reaction. This effect was shown during isothermal aging experi-
ments for comparable alloys (CuSc0.15 and CuSc0.3) and identical experimental processing
conditions by Dölling et al. [9]. The mechanical and physical properties were analyzed
under varying degrees of cold rolling during isothermal heat treatments, and the precipi-
tation reactions occurred reproducibly earlier with higher degrees of cold rolling prior to
aging at different temperatures. This phenomenon was evident due to the evolution of the
material properties, namely, the concurrent increase in electrical conductivity and hardness.
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Furthermore, several previous investigations have shown that a high dislocation density
significantly improves the kinetics of precipitation [5,34–36] and recrystallization [33,37,38].

Table 1. Values of maximum temperatures Tp [K] of the Cu4Sc precipitation reaction in non-deformed
(0%) and 75% cold-rolled CuSc0.4 wt.% alloy.

V [K/min] 0% 75%

Tp [K] 5 - 711.7
10 837.7 726.3
15 851.4 739.7
20 856.8 745.2
40 872.3 769.0

3.2. Determination of Precipitation Activation Energies

The activation energy for scandium precipitation was calculated using the Kissinger
method [25,26] using Formula 1. For this purpose, the values of the peak temperature
Tp and the corresponding heating rate V are used for the equation and then ln(V/Tp

2) is
plotted versus 1000/K. Using Formula 2, the activation energy is derived from the slope of
the linear fitting curve of the calculated points multiplied by the molar gas constant R.

Figure 4 shows the Kissinger plots of the non-deformed (Figure 4a) and cold-rolled
specimens (Figure 4b) versus 1000/T for the precipitation reaction in the utilized CuSc0.4
alloys. All plots show straight lines, with high Pearson correlation coefficients of r2 = 0.991
for the undeformed specimen and r2 = 0.982 for the cold-rolled specimen. The activa-
tion energies were calculated from their slopes, and are listed in Table 2. The mean
values of the activation energy for precipitation of the Cu4Sc phase are 232.02 kJ/mol and
151.51 kJ/mol, respectively.

(a) (b) 

Figure 4. Kissinger plots of ln(V/Tp
2) against 1000/T of Cu4Sc precipitation in Cu-Sc alloy for

non-deformed (a) and 75% cold-rolled (b) specimens.

Table 2. Mean values of estimated activation energies of the Cu4Sc precipitation reaction in non-
deformed (0%) and cold-rolled (75%) CuSc0.4 wt.% alloy using the Kissinger method.

0% 75%

E [kJ/mol] 232.02 151.51
r2 0.9913 0.9816

However, temperature errors can cause inaccuracies in determination of the peak
temperature during DSC measurements, potentially having a significant influence on the
calculated activation energy. An error of just a few degrees between high and low heating
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rates can lead to an activation energy error of 10–20% [30]. Thus, careful temperature
calibration and control to minimize such errors are crucial in DSC measurements.

Considering the temperature deviations during the temperature calibration shown in
Appendix A, Table A1, a range of activation energy of 226.91–244.25 kJ/mol can be deter-
mined for the non-deformed specimen and 147.82–156.24 kJ/mol for the cold-rolled specimen.

The estimated activation energy for the cold-rolled specimen in the present study is
lower than the value of self-diffusion through the lattice in copper (∼197 kJ/mol) [39],
whereas the activation energy for the non-deformed specimen is slightly higher. This may
be due to residual scandium atoms in the copper matrix. During aging, not all scandium
atoms are transferred to the Cu4Sc phase; residues remain in the copper matrix depending
on the temperature and duration of the aging treatment. Because the alloying element has a
larger atomic radius than copper, distortions in the lattice of the copper matrix result, which
act as impediments to dislocation movement and thereby hinder diffusion [3]. Therefore,
a higher amount of energy needs to be applied to overcome this barrier, resulting in higher
activation energy.

3.3. Microstructure Analysis

Changes in microstructure that occur during thermal treatment can be visually inves-
tigated by metallographic analysis. An SEM backscatter detector can be used to identify
differences in chemical composition and distinguish between the phases of different ele-
mental compositions [40]. The material contrast is determined by the atomic number of the
elements. As the atomic number increases, the degree of backscattering increases as well,
resulting in higher brightness in the SEM image of regions containing elements with higher
atomic numbers. [41].

Figure 5 shows the microstructure of the non-deformed CuSc0.4 specimen after heating
with 10 K/min up to 610 ◦C followed by cooling with 10 K/min. The selected temperature
can be deduced from the DSC curve shown in Figure 2b, which shows that the selected
temperature of 883.15 K is just below the precipitation’s final peak temperature.

 
(a) (b) 

Figure 5. Microstructure of non-deformed CuSc0.4 specimen after DSC analysis heated up to 610 ◦C
at a heating rate of 10 K/min with magnitude of 7000 (a) and 12,000 (b) showing homogeneously
distributed lamellar Cu4Sc phases (1) and coarsened phases detached from the structure (2).

Because the light metal Sc has a lower atomic number than copper [6], the Cu4Sc
phase containing one-fifth scandium atoms appears darker compared to the copper matrix.
The fine lamellar structures (dark grey) are homogeneously distributed within the copper
matrix (light grey).

The characteristics of the Cu4Sc precipitates are comparable to those reported by
Dölling et al. [31], which were analyzed at the same heating rate and a slightly lower
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final temperature (600 ◦C). Energy Dispersive X-ray spectroscopy (EDS) proved that the
darker periodically-appearing structures are directly associated with enhanced scandium
content (Appendix A, Figure A2). This observation is further supported by the EDS images
obtained by Dölling et al. [9,31] with a slightly lower scandium content of 0.3 wt.%.

In direct comparison to the microstructural images of the non-deformed specimen,
the 75% cold-rolled specimen with identical heat treatment already shows the first signs
of partially recrystallized areas within the microstructure (Figure 6a). This observation
fits the analysis of the 10 K/min DSC curve depicted in Figure 3a. The DSC measurement
shows that the precipitation reaction has already been completed at the same maximum
temperature of 883.15 K and that the recrystallization of the microstructure has started.
However, it is notable that the Cu4Sc precipitates exhibit a significant decrease in size
(Figure 6b), making them discernible only at higher magnifications.

 
(a) (b) 

Figure 6. Microstructure of 75% cold-rolled CuSc0.4 specimen after DSC analysis heated up to
610 ◦C at a heating rate of 10 K/min with a magnitude of 1000 (a) and 20,000 (b), showing partly
recrystallized areas within the strongly deformed microstructure (1), Cu4Sc precipitates (2), and
twins (3).

4. Conclusions

The present paper describes the kinetics of Cu4Sc precipitation of a CuSc0.4 wt.%
alloy with and without prior cold working using differential scanning calorimetry (DSC).
The results showed that a prior 75% cross-section reduction by cold working can accel-
erate the precipitation reaction and lower the reaction’s starting temperature by about
100 K. The activation energies needed for the reaction were determined by the Kissinger
method and resulted in values of 226.91–244.25 kJ/mol for the non-deformed specimen and
147.82–156.24 kJ/mol for the 75% cold-rolled specimen. The differences observed in the ac-
tivation energies provide new insights into the effects of cold deformation on precipitation
kinetics in binary alloys, and can help in the design and optimization of such materials.
The results of this study highlight the importance of carefully considering the effects of
processing on precipitation behavior in order to achieve the desired material properties.
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Appendix A

(a) (b) 

Exo Exo

Figure A1. Overview of peak areas of non-deformed (a) and 75% cross-section-reduced (b) CuSc0.4,
with DSC signal (straight lines) and interpolated baselines (dashed lines).

Table A1. Maximum deviation of the experimentally determined melting temperature [dT] of the
calibration sample materials (In, CsCl, Ag, and Au) for heating rates of 5, 10, 15, 20, and 40 K/min.

V [K/min] +dT [K] −dT [K]

5 0.3 0.8
10 0.3 0.1
15 0.4 0.8
20 0.3 0.1
40 0.7 1.5

 

 
(a) (b) 

Figure A2. Lamellar distribution of Cu4Sc precipitates without prior cold deformation after DSC
analysis heated up to 610 ◦C at a heating rate of 10 K/min, as analyzed with EDS: (a) backscatter
detection and (b) EDS distribution of Sc.

309



Materials 2023, 16, 3462

References

1. Bourezg, Y.I.; Abib, K.; Azzeddine, H.; Bradai, D. Kinetics of Cr clustering in a Cu-Cr-Zr alloy processed by equal-channel angular
pressing: A DSC study. Thermochim. Acta 2020, 686, 178550. [CrossRef]

2. Copper and Copper Alloys. Davis, J.R., Ed.; ASM International: Materials Park, OH, USA, 2008; ISBN 9780871707260.
3. Gottstein, G. Materialwissenschaft und Werkstofftechnik: Physikalische Grundlagen; Springer: Berlin/Heidelberg, Germany, 2014;

ISBN 978-3-642-36602-4.
4. Roos, E.; Maile, K.; Seidenfuß, M. Werkstoffkunde für Ingenieure: Grundlagen, Anwendung, Prüfung; Springer: Berlin/Heidelberg,

Germany, 2017; ISBN 9783662495322.
5. Bonvalet Rolland, M.; Borgenstam, A. Modeling precipitation kinetics in multicomponent alloys during deformation. Front.

Mater. 2022, 9, 1–12. [CrossRef]
6. Dies, K. Kupfer und Kupferlegierungen in der Technik; Springer: Berlin/Heidelberg, Germany, 2014; ISBN 978-3-642-48932-7.
7. Freudenberger, J.; Heilmaier, M. Materialkunde der Nichteisenmetalle und -Legierungen; Wiley-VCH Verlag GmbH & Co. KGaA:

Weinheim, Germany, 2020; ISBN 9783527822546.
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