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Kai Zhang, Erwin Hüger, Yong Li, Harald Schmidt and Fuqian Yang

Review and Stress Analysis on the Lithiation Onset of Amorphous Silicon Films
Reprinted from: Batteries 2023, 9, 105, doi:10.3390/batteries9020105 . . . . . . . . . . . . . . . . . 53

Fengjun Deng, Yuhang Zhang and Yingjian Yu

Conductive Metal–Organic Frameworks for Rechargeable Lithium Batteries
Reprinted from: Batteries 2023, 9, 109, doi:10.3390/batteries9020109 . . . . . . . . . . . . . . . . . 79

Otavio J. B. J. Marques, Michael D. Walter, Elena V. Timofeeva and Carlo U.Segre

Effect of Initial Structure on Performance of High-Entropy OxideAnodes for Li-Ion Batteries
Reprinted from: Batteries 2023, 9, 115, doi:10.3390/batteries9020115 . . . . . . . . . . . . . . . . . 107

Hua Fang, Qingsong Liu, Xiaohua Feng, Ji Yan, Lixia Wang, Linghao He, et al.

Carbon-Coated Si Nanoparticles Anchored on Three-Dimensional Carbon Nanotube Matrix for
High-Energy Stable Lithium-Ion Batteries
Reprinted from: Batteries 2023, 9, 118, doi:10.3390/batteries9020118 . . . . . . . . . . . . . . . . . 119

Yinglu Hu, Li Liu, Jingwei Zhao, Dechao Zhang, Jiadong Shen, Fangkun Li, et al.

Lithiophilic Quinone Lithium Salt Formed by Tetrafluoro-1,4-Benzoquinone Guides Uniform
Lithium Deposition to Stabilize the Interface of Anode and PVDF-Based Solid Electrolytes
Reprinted from: Batteries 2023, 9, 322, doi:10.3390/batteries9060322 . . . . . . . . . . . . . . . . . 133

Wei Zou, Hua Fang, Tengbo Ma, Yanhui Zhao, Lixia Wang, Xiaodong Jia and Linsen Zhang

Three-Dimensional Nanoporous CNT@Mn3O4 Hybrid Anode: High Pseudocapacitive
Contribution and Superior Lithium Storage
Reprinted from: Batteries 2023, 9, 389, doi:10.3390/batteries9070389 . . . . . . . . . . . . . . . . . 145

v





About the Editor

Wenbo Liu

Prof. Dr. Wenbo Liu is the Associate Head of the Department of Materials Forming and Control

Engineering, the School of Mechanical Engineering, Sichuan University. His current area of research is

advanced metal functional materials, which mainly include the following aspects: (1) nanostructured

metal materials from initial fabrication and analysis to potential applications (such as energy storage

and conversion, environmental protection, catalysis, sensing, etc.) and (2) Mn-Cu-based damping

alloys from material design to technological development and engineering applications. He has

published over 100 journal papers in peer-reviewed journals, such as Adv. Funct. Mater., Chem. Eng.

J., EcoMat, J. Mater. Chem. A, Composites Part B-Eng., J. Mater. Sci. Technol., J. Power Sources, etc.. His

papers have a total ISI citation score of over 1300 and an H-index of 23 (web of science). He is the

holder of 18 Chinese patents and has 8 pending patent applications. Liu has received many prizes

and awards, including the Hong Kong Scholars Award and the Chengdu Natural Science Award,

for his achievements in the fields of materials science and engineering. He is a Life Member of

American Association for Science and Technology (AASCIT), as well as an Editorial Board Member

OF 10 international journals, such as NML, EEM, CCL, BE, FER, etc.

vii





Preface

With the rapid development of high-efficiency electrochemical energy storage devices, =

lithium-ion batteries (LIBs) have been widely applied in various industrial and consumer

applications, such as mobile phones, laptops, electric vehicles, smart grids, etc. However, traditional

electrode materials hardly meet the expected demands of the energy and power densities of future

energy storage systems due to their extremely limited specific capacities, short lifetimes, and poor

safety. As a result, seeking alternative high-performance electrode materials will be a primary

challenge for next-generation rechargeable lithium batteries (RLBs) in the future, such as advanced

lithium-ion batteries, lithium metal batteries, lithium sulfur batteries, and lithium oxygen/air

batteries.

This book’s subject and scope covers the fabrication and synthesis of electrode materials,

lithium dendrite growth and inhibition, polysulfide transformation, novel electrode structure

design, electrode material failure, lithium storage mechanisms, electrochemical performance

optimization, safety assessment and evaluation, advanced characterization techniques, and

multi-scale computational modeling.

We believe that this book will offer the latest insights into the use of electrode materials to

develop advanced RLBs. The book’s audience may include, but is not limited to, researchers,

engineers, industrialists, technicians, teachers, students, and industrial investors. Also, we sincerely

hope that it will inspire and provide assistance to researchers and firms seeking to develop alternative

high-performance electrode materials for use in next-generation rechargeable lithium batteries

employed in various industrial and consumer fields.

Wenbo Liu

Editor

ix





Citation: Nazario-Naveda, R.;

Rojas-Flores, S.; Juárez-Cortijo, L.;

Gallozzo-Cardenas, M.; Díaz, F.N.;

Angelats-Silva, L.; Benites, S.M.

Effect of x on the Electrochemical

Performance of Two-Layered

Cathode Materials

xLi2MnO3–(1−x)LiNi0.5Mn0.5O2.

Batteries 2022, 8, 63. https://

doi.org/10.3390/batteries8070063

Academic Editor: Wenbo Liu

Received: 18 May 2022

Accepted: 23 June 2022

Published: 29 June 2022

Publisher’s Note: MDPI stays neutral

with regard to jurisdictional claims in

published maps and institutional affil-

iations.

Copyright: © 2022 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

batteries

Article

Effect of x on the Electrochemical Performance of Two-Layered
Cathode Materials xLi2MnO3–(1−x)LiNi0.5Mn0.5O2
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Abstract: In our study, the cathodic material xLi2MnO3–(1−x)LiNi0.5Mn0.5O2 was synthesized by
means of the co-precipitation technique. The effect of x (proportion of components Li2MnO3 and
LiNi0.5Mn0.5O2) on the structural, morphological, and electrochemical performance of the material
was evaluated. Materials were structurally characterized using X-ray diffraction (XRD), and the
morphological analysis was performed using the scanning electron microscopy (SEM) technique,
while charge–discharge curves and differential capacity and impedance spectroscopy (EIS) were
used to study the electrochemical behavior. The results confirm the formation of the structures with
two phases corresponding to the rhombohedral space group R3m and the monoclinic space group
C2/m, which was associated to the components of the layered material. Very dense agglomerations
of particles between 10 and 20 μm were also observed. In addition, the increase in the proportion
of the LiNi0.5Mn0.5O2 component affected the initial irreversible capacity and the Li2MnO3 layer’s
activation and cycling performance, suggesting an optimal chemical ratio of the material’s component
layers to ensure high energy density and long-term durability.

Keywords: lithium-ion battery; cathode material; layered composite; Li-rich Mn Ni based

1. Introduction

The world’s dependence on fossil fuels is a subject that is still debated today. Although
it is true that fossil fuels are necessary for the development of civilization as we know
it, it is also important to take into account their impact on the environment [1]. The
increase in the demand for energy and the concern for the care of the environment have
increased the interest for the use of new energies [2–5]. The use of these energy systems is
closely related to the development of increasingly efficient storage systems; hence, much
research is focused on improving their performance. The characteristics of lithium batteries,
such as their high specific capacity, energy density, and the possibility of using non-toxic
reagents in their manufacture [6–9], have enabled them to be used in various technological
devices, especially in the automotive area, such as electric vehicles and hybrid electric
vehicles [10,11], where energy density plays an important role. In this aspect, lithium
batteries surpass other energy storage systems.

Several cathode materials have been used in lithium battery systems [10,12]. Recently,
lithium-rich layered oxide (LLO) materials have been considered as promising cathode
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materials because of their high capacities (200–300 mAhg−1) with 3.6 V or larger operating
voltages when they are charged to over 4.5 V at room temperature [13,14]. Many combi-
nations for these composite materials have been proposed with a general expression such
as xLi2MnO3–(1−x)LiMO2 (M = Mn, Ni, Co, Fe, Cr, etc.) [15–19], where excess of Li can
be incorporated into the layered structure through the integration of Li2MnO3 in LiMO2,
substituting transition metals M [20]. However, LLO materials often show a big decrease in
cycling capacity and a low rate capability. These limitations arise because in order for the
material to deliver large discharge capacity of more than 200 mAhg−1, it is necessary that
cathode be charged above 4.5 V versus Li/Li+ [21,22]. To overcome these drawbacks, many
authors have used some oxides, among other materials, as cover materials [15,18,19,23,24]
or have proposed different synthesis techniques [25,26].

The compatibility of the structure is clearly seen, and Li2MnO3 can be considered
as a particular case of LiMO2. Li2MnO3 has a C2/m monoclinic layered structure and
can be represented in the normal layered notation as Li[Li1/3Mn2/3]O2, composed of
alternating Li layers and Li/Mn layers and being structurally compatible with LiMO2,
but electrochemically inactive. In a xLi2MnO3–(1−x)LiMO2 composite material, Li2MnO3
provides structural stabilization to LiMO2 because of its electrochemical inactivity between
3 and 4 V vs. Li/Li+. However, Li2MnO3 can transform into an active phase by charging at
4.5 V vs. Li/Li+. The charge mechanism at a high voltage plateau has not yet been well-
clarified [26–28]. Some authors presented a composition with the integration of Li2MnO3
domains in a LiMO2 matrix [29–31]. They claim that the results show the existence of two
different local structures for both layered materials. On the other hand, a homogeneous
solid solution of Li2MnO3 and LiMO2 was reported [26,32]. They stated that the XRD
results show a superstructure in the transition metal layer with a Li ordering. Despite their
claims being well-supported, there appears a problem when the symmetry is considered,
and there is a debate whether it is a solid solution with R3m rhombohedral symmetry
or a solid solution with C2/m monoclinic symmetry. Researchers are making efforts to
clarify the issue of the structure of layered composite materials because it is essential to
understand the relationship between a crystal’s structure and electrochemical performance.
Based on the latest studies on layered oxide materials, the aim of this research was to
synthesize high energy density xLi2MnO3–(1−x)LiMn0.5Ni0.5O2 cathode materials by
means of the co-precipitation method and study the effect of the ratio of transition metals
on morphological characteristics and electrochemical performance in terms of current
density, voltage, capacity, and ionic impedance.

2. Experimental

2.1. Synthesis of Precursor

In this first step 0.2 M of nickel (II) sulphate hexahydrate [NiSO4·6H2O] (Sigma-
Aldrich, St. Louis, MI, U.S., 99%) and 0.2 M of manganese (II) sulphate monohydrate
[MnSO4·H2O] (Sigma-Aldrich 98%) were separately dissolved in distilled water and then
were mixed together for 10 min with constant stirring. This solution is denoted as Solution
A. Separately, a solution of 1 M of sodium bicarbonate [NaHCO3] (Sigma-Aldrich 99%) in
distilled water was prepared, and this solution is denoted as Solution B. Solution A was
slowly added drop by drop into Solution B by constant magnetic stirring with a temperature
of 60 ◦C. The mixed solution was kept at a pH of 8.5 in order to create the precipitate of
Ni(1−x)/2Mn(1+x)/2CO3; this was obtained by adding an ammonium hydroxide solution
[NH4OH] (Sigma Aldrich 28–30%) drop by drop. The mixture was left for 12 h at the same
temperature with constant magnetic stirring in order to secure the complete precipitation
of the Ni and Mn sulphate solutions on the carbonate solution. After that, the mixture
was filtered and washed three times with distilled water. The wet powder was dried for
12 h at 100 ◦C and then grounded with a mortar and pestle to get the nickel manganese
carbonate, the final precursor powder. The quantities of NiSO4·6H2O and MnSO4·H2O
varied stoichiometrically, depending on the x value of xLi2MnO3–(1−x)LiNi0.5Mn0.5O2.
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2.2. Synthesis of xLi2MnO3–(1−x)LiNi0.5Mn0.5O2 Powder

Obtained nickel manganese carbonate powder was mixed with a stoichiometric
amount of lithium carbonate [Li2CO3] (Strem Chemicals, Newburyport, MA, U.S., 99.999%)
and ground using a mortar and pestle. After intense grinding, the mixture was annealed at
950 ◦C for 12 h, for which a 6” W × 6” D × 6” H Kerr 666 furnace was used. After 12 h,
the calcined powder was quenched at room temperature to keep the oxidation states of
the transition metals at 4+ and 2+ for Mn and Ni, respectively. The calcined powder was
ground again to obtain the xLi2MnO3–(1−x)LiNi0.5Mn0.5O2 final powder.

2.3. Electrochemical Coin Cell Fabrication

Coin-type cells (CR2032) were assembled in order to evaluate the electrochemical perfor-
mance. The cathode material was prepared using 80 wt% of xLi2MnO3–(1−x)LiNi0.5Mn0.5O2
powder, 10 wt% of carbon black, and 10 wt% of polyvinylidene fluoride. A slurry of the
mixed powders was made by using N-Methyl-2-Pyrrolidinone, and it was then coated
on aluminum foil (Alfa Aesar, Haverhill, MA, U.S., 99.999%) with a thickness of 0.025.
The coated aluminum foil was put in a furnace at 100 ◦C for 12 h and cut in small circles.
For the anode, Li foil with a thickness of 0.75 mm (Sigma Aldrich 99.9%) was used, and
the separator was a polypropylene membrane (Celgard 2500, Charlotte, NC, U.S.) with
a thickness of 25 μm. A standard electrolyte with 1 mol/kg LiPF6 dissolved in ethylene
carbonate (EC) and dimethyl carbonate (DMC) in a 1:2 wt ratio was used. The coin cells
were assembled inside of an argon-filled MBraun, Stratham, NH, U.S., glove box.

2.4. Characterization Techniques

In this work, a powder structural analysis was carried out using Siemens D5000
X-ray diffractometer, U.S. (XRD) with Cu Kα radiation (1.5405 Å) in the 2θ angle range
from 15◦ to 75◦ with a step of 0.02◦. A scanning electron microscope (SEM) was used to
study the morphology of materials, and the analysis was conducted with a JEOL 7600
FESEM, U.S., system interfaced to a Thermo-Electron System Microanalysis Systems. The
samples were adhered to the top of the sample holder with double-sided conductive tape;
for better resolution, a Au coating was applied. The electrochemical measurements were
evaluated with a Gamry Instruments, Warminster, PA, U.S., G/PC14 potentiostat system.
The charge–discharge measurements were performed at room temperature at a voltage
range of 2.0–4.8 V using selected current density.

3. Results and Discussion

The X-ray diffraction patterns of the xLi2MnO3–(1−x)LiNi0.5Mn0.5O2 (x = 0.3, 0.5 and
0.7) synthesized materials are presented in Figure 1a. The typical diffraction pattern of
this composed material is shown, where most peaks agree well with the R3m space group
related to the rhombohedral type structure for LiMO2 (JCPDS# 09-0063) [31]. The low
intensity peaks between 20◦ and 30◦ show characteristic peaks of the monoclinic phase,
with the space group C2/m associated with the layered composite material Li2MnO3
(JCPDS# 84-1634) [32,33]. The XRD patterns confirm the superlattice phase corresponding
to Li2MnO3. The patterns became more obvious when the fraction of the Li2MnO3 layered
material was incremented in xLi2MnO3–(1−x)LiMO2. The presence of the small peaks
(110), (020), (−111), and (021) is related to the existence of the superstructure caused by
the reordering of Li and Mn in the main structure, where lithium ions entered into the
transition metal layers positions as expected [32]. Furthermore, the presence of the (006)
and (012) peaks confirm the successful formation of a crystalline layered structure with no
spinal structure, using co-precipitation synthesis method for all values of x [34,35]. It is clear
then that the two structural components of this layered composite prove the coexistence of
two compatible phases.

3
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Figure 1. (a) X-ray diffraction patterns and (b) monoclinic structure lattice parameters of xLi2MnO3–
(1−x)LiNi0.5Mn0.5O2.

Figure 1b shows the unit cell parameters calculated for all the synthesized materi-
als, based on a monoclinic structure belonging to the C2/m spaces group. The lattice
parameters a, b, and c decreased with the x value, specifically with the reduction of Ni
in the stoichiometric equation, which corresponded to the increase of the Li content. The
stoichiometric ratio of the components’ materials was determined when the formula was
expressed as Li[LiyMn1−y−zNiz]O2, where y = x/(2 + x) and z = (1 − x)/(2.5). This is
shown in Table 1. These decreases in the lattice parameters may be related to both the
distribution of lithium ions in the metal layers changing the characteristic order with Mn
and the substitution of Mn by Ni [30–33]. Figure 2 shows the crystal structures of layered
Li2MnO3 and LiMO2, where the compatibility of the structure is clearly seen. Li2MnO3
can be considered a particular case of LiMO2, as it is described when it is expressed in
layered notation. Additionally, the average size of the crystallite obtained using the Scherrer
equation from the diffraction peaks (003) indicated that by means of the co-precipitation
method used, nanocrystals at 36.0 nm, 37.8 nm, and 43.9 nm can be obtained for the x
values of 0.3, 0.5, and 0.7 respectively.

Table 1. Stoichiometry of Li-rich layered oxides in the most common formulations.

Value of x xLi2MnO3–(1−x)LiMn0.5Ni0.5O2 Li[LiyMn1−y−zNiz]O2

0.3 0.3Li2MnO3–0.7LiNi0.5Mn0.5O2 Li[Li0.13Mn0.59Ni0.28]O2
0.5 0.5Li2MnO3–0.5LiNi0.5Mn0.5O2 Li[Li0.20Mn0.60Ni0.20]O2
0.7 0.7Li2MnO3–0.3LiNi0.5Mn0.5O2 Li[Li0.26Mn0.62Ni0.12]O2

Scanning electron microscopy (SEM) was used to verify the morphology and topol-
ogy of the synthesized material in order to find some relation between its features and
the after-studied electrochemical behavior. As previously explained, the precursor mate-
rial nickel manganese carbonate Ni(1−x)/2Mn(1+x)/2CO3 had to be previous synthesized.
Figure 3 shows the SEM micrographs of the as-synthesized powders of (a) Ni0.35Mn0.65CO3,
(b) Ni0.25Mn0.75CO3, and (c) Ni0.15Mn0.85CO3. With a zoom of x5000, it was possible to
observe a nearly sphere-like morphology with a uniform particle distribution, similar to

4
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that found by other authors [33,36,37]. Figure 3 shows the precursors’ present forms of
nearly spherical solids; however, these reduced their size with the increase of Li and Mn
(increase in the value of x). In Figure 3a, the agglomerations are larger and less spherical.
In addition, small pores and a rougher surface can be observed, likely due to the release of
CO2 in the heat treatment process and the subsequent formation of oxides [38]. Figure 3c
shows agglomerations similar to those mentioned above but smaller, with inhomogeneous
growth and the presence of some impurities in some parts, associated with the greater
formation of MnO2 [33]. For x = 0.5 (Figure 3b), the agglomerations presented more com-
pact spheres with smooth particles, no pores, and reduced impurities. Figure 4 shows the
EDS spectra of precursor materials, confirming the purity of the sample and the absence of
additional elements. The intensity represents the proportions of the materials used to make
the precursor materials. Ni decreased with x increasing, according to the stoichiometric
equation. However, the presence of oxygen was high for x = 0.3, which would explain the
presence of the CO2 formation that decreases as x increases, as shown in the SEM images.

Figure 2. Crystal structure of (a) monoclinic Li2MnO3 structure with space group C2/m and (b)
rhombohedral LiMO2 structure. M = Ni, Mn with space group R3m using VESTA software.

Figure 3. Cont.

5
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Figure 3. SEM micrographs of (a) Ni0.35Mn0.65CO3, (b) Ni0.25Mn0.75CO3, and (c) Ni0.15Mn0.85CO3

powders, the results of the first step of the synthesis process.

Figure 4. EDS spectra of (a) Ni0.35Mn0.65CO3, (b) Ni0.25Mn0.75CO3, and (c) Ni0.15Mn0.85CO3 powders,
the results of the first step of the synthesis process.

Micrographs of the synthesized 0.3Li2MnO3–0.7LiNi0.5Mn0.5O2, 0.5Li2MnO3–0.5LiNi0.5
Mn0.5O2, and 0.7Li2MnO3–0.3LiNi0.5Mn0.5O2 final powders after calcination of precursors
with Li2CO3 are showed in Figure 5. The primary particles are micrometric in size and
concentrated in irregularly polyhedral-shaped agglomerations. Relatively smaller pri-
mary particle agglomerates allow better charge–discharge capacity due to their higher trap
density, which shortens lithium diffusion [39]. The pristine x = 0.5 material composite
presented a lower density of agglomerations compared with the other synthesized material.
The precursor spherical shape could be the reason why a better formation of the final
product was possible, which may help improve the electrochemical performance. The size
of these agglomerations increased with the increase of x. For x = 0.7 particles that exceeded
a micrometer in length, the characteristics of the precursor seemed to influence the growth
mechanism for the formation of the final material [37,40]. The micrographs also show free
space between agglomerations, giving a high material porosity, which is good for the ions’
and electrons’ mobility [40–42].
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Figure 5. SEM micrographs of (a) 0.3Li2MnO3–0.7LiNi0.5Mn0.5O2, (b) 0.5Li2MnO3–0.5LiNi0.5Mn0.5O2,
and (c) 0.7Li2MnO3–0.3LiNi0.5Mn0.5O2 cathode material powders.

The charge–discharge profiles and differential capacities for the 1st, 5th, 10th, and 40th
cycles at a current density of 15 mA/g for (a) 0.3Li2MnO3–0.7LiNi0.5Mn0.5O2, (b) 0.5Li2MnO3–
0.5LiNi0.5Mn0.5O2, and (c) 0.7Li2MnO3–0.3LiNi0.5Mn0.5O2 cathode material are shown in
Figure 6. For the x = 0.3 electrode material (Figure 6(a1)), a clear two-step reaction appeared
at the first charge process. There was a plateau voltage between 4–4.5 V corresponding
to the Li extraction from LiMO2 component, reaching a capacity of 120 mAh/g. The Li
extraction from the Li2MnO3 component started from ~4.5 V as was predicted, and the
capacity contributed to the total capacity is 103 mAh/g [43]. A possible explanation of
low capacity is the current density used. High current densities deliver lower capacities,
as some literatures present [20,39,42], and a lower current density can make Li extraction
more effective. One other possibility is the formation of some spinel phase among the
structure of the electrode material; this option is enhanced by the change to some clearly
spinel phase at 40th cycles seen in the discharge process at ~3 V [44,45]. The decrease of
capacities at high cycle numbers could be explained by the change from layered to spinel
phase transformation, due to the migration of transition metal ions to Li sites without much
disarrangement of the main layered structure [44]. A differential capacity plot (Figure 6(a2))
showed two sharp oxidation peaks at 4.1 V and 4.6 V, corresponding to the first charge
two-step reactions of the LiMO2 and Li2MnO3 components, respectively. The second
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peak represents the irreversible loss of capacity when Li was extracted in the form of
Li2O [46]. The first peak, which was shifted to ~3.8 V in the next cycles, corresponds to the
Ni oxidation from Ni2+ to Ni4+. The manganese-corresponding oxidation peaks were not
even visible in the 40th cycle. In the reduction zone, the predominant peak is around 3.8 V;
this peak is associated with Ni reduction from Ni4+ to Ni2+. At 40 cycles, a new peak arose
at ~2.93 V, supporting the idea of some spinel phase formation. This peak is a characteristic
peak of Mn reduction from Mn4+ to Mn3+ in the spinel structure [47].

Figure 6. Charge–discharge profiles (a1–c1) and differential capacity plots (a2–c2) for the 1st, 5th,
10th, and 40th cycles for (a) 0.3Li2MnO3–0.7LiNi0.5Mn0.5O2, (b) 0.5Li2MnO3–0.5LiNi0.5Mn0.5O2, and
(c) 0.7Li2MnO3–0.3LiNi0.5Mn0.5O2 cathode materials.

For the x = 0.5 electrode material (Figure 6(b1)), a two-step reaction also appeared
for the first charge process. In the first step (2–4.5 V) related to the Li extraction from
LiMO2, a capacity of 123 mAh/g was achieved near the theoretical value for the charge
capacity for this component. In the second step (4.5 V), a capacity of 55 mAh/g was
delivered due to the activation of Li2MnO3 component. This value was significantly
small compared with the theoretical value, revealing that not all Li2MnO3 material could
be activated at this current density. Li2MnO3 shows to be electrochemically inactive
before 4.5 V vs. Li/Li+, because manganese has a 4+ oxidation state, making the Li+

intercalation difficult [35,47]. Electrochemical activity at a higher voltage is associated with
the loss of oxygen by removing Li2O, allowing a change in the phase to MnO2 [48,49]. The
first discharge capacity was 130 mAh/g, even lower when compared to the theoretical
value, but still in the range of values reported in the literature [35,39]. Despite that, the
capacity progressively increased through the cycles, achieving a regular capacity of around
210 mAh/g for the 40th cycle, showing the progressive activation of Li2MnO3 component.
This was near the value of others obtained experimentally in some of the literature [35,37,39].
The differential capacity plot (Figure 6(b2)) showed a peak associated with the initial
activation of Li2MnO3, which appeared around 4.75 V. Both the peaks of oxidation and
reduction related to Ni and Mn reactions were present. The Ni oxidation from Ni2+ to
Ni4+ was associated with the peak placed at ~3.81 V in the first cycle, which stabilized at
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~3.89 V, indicating an increasing of activated Ni step-by-step during cycling. Similarly, Mn
oxidation increased from Mn3+ to Mn4+, as represented by the raised peak at 3.4 V. The
reductions occurred at the potentials of ~3.84 for the Ni reduction and at the raised peak
at ~3.23 V for the Mn reduction. A greater progressive activation of Mn was observed,
more than that of Ni, confirming the idea of the step-by-step Li2MnO3 activation through
cycling [40,47,50,51]. For the x = 0.7 electrode material (Figure 6(c1)), only one reaction was
observed for the first charge process, related to the Li extraction from LiMO2. It was not
possible to observe the activation of the Li2MnO3 layer in the first cycle. For the following
cycles, an increase in the discharge capacity was observed, until the capacity achieved
140 mAh/g in cycle 40. Li2MnO3 proved to be electrochemically inactive, possibly due
to high impedance making the Li+ intercalation difficult [49]. A differential capacity plot
(Figure 6(c2)) showed the behavior of the first loading process, where it was not possible
to observe peaks related to the complete activation of the material. After 10 cycles, peaks
of oxidation and reduction related to Ni and Mn reactions appeared but shifted to the
high voltage in the charge process and to the left in the discharge process, indicating the
formation of spinel structures [45,52]. In all cases, the differential capacity values were
very low, indicating an inefficient charge transfer process between the material and the
electrolyte, possibly due to the size of the conglomerates that formed the material [32,39].

Figure 7 shows the charge–discharge profiles and differential capacity plots of the
(a) 0.3Li2MnO3–0.7LiNi0.5Mn0.5O2, (b) 0.5Li2MnO3–0.5LiNi0.5Mn0.5O2, and (c) 0.7Li2MnO3–
0.3LiNi0.5Mn0.5O2 cathode materials at different current densities of 15, 30, and 45 mA/g.
The 20th cycle was taken for this analysis. For the x = 0.3 cathode material (Figure 7(a1)),
the capacity was reduced from ~150 mAh/g (15 mA/g) to ~120 mAh/g (30 mA/g) and
~100 mAh/g (45 mA/g). An inflection point is shown between 3.5 and 4 V in the dis-
charge process, where the capacity dropped drastically. A cathode material with x = 0.5
showed similar behavior (Figure 7(b1)) but reached higher capacities, i.e., ~210 mAh/g
(15 mA/g), ~190 mAh/g (30 mA/g), and ~170 mAh/g (45 mA/g). For the x = 0.7 cathode
materials, only one activation process was seen (Figure 7(c1)). The capacities achieved were
~140 mAh/g (15 mA/g), ~64 mAh/g (30 mA/g), and ~57 mAh/g (45 mA/g). The differen-
tial capacities of the cathode materials showed all peaks decreasing their intensities with
the increase of the current density; additionally, a degradation of the voltage occurred when
the current density increased [53,54]. These reductions of electrochemical performance
could be explained by considering that, at high current densities, the amount of lithium
insertion/extraction is affected due to the structure’s surface not allowing to Li ions to
leave their sites, resulting in low capacities [46]. For example, for x = 0.5 (Figure 7(b2)), the
Mn oxidation from M3+ to Mn4+ at ~3.4 V was only seen at 15 mA/g and not at 45 mA/g.
As we observed, for the lithium extraction process of xLi2MnO3–(1−x)LiNi0.5Mn0.5O2, the
charging process was carried out in two different steps. The first one was when lithium was
extracted from the LiMO2 component, typically at potentials < 4.5 V, accompanied by the
oxidation of the M cations. A total of (1−x)Li were removed from the LiMO2 irreversible
component to form MnO2. The second step was the extraction of lithium from the Li2MnO3
component at potentials > 4.5 V. In this last step, oxygen was also extracted from the
structure, giving a net loss of Li2O. Next, xLi was extracted from the Li2MnO3 component
to form MnO2 [39,48,49]. In both reactions, the total lithium extracted rose to (1+x)Li. In the
discharge process, lithium was reinserted into the structure. (1−x)Li was reinserted into
the MO2 component, recovering the LiMO2 initial component, but on the other hand, only
xLi was reinserted into the MnO2 component, resulting in LiMnO2 with rock salt [48,49].
This was caused by its inability to reinsert oxygen into the structure during the discharge
process, which means there must always be an irreversible capacity loss of xLi in the first
cycle [40].
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Figure 7. Charge–discharge profiles (a1–c1) and differential capacity plots (a2–c2) for 15, 30, and
45 mA/g current density for (a) 0.3Li2MnO3–0.7LiNi0.5Mn0.5O2, (b) 0.5Li2MnO3–0.5LiNi0.5Mn0.5O2,
and (c) 0.7Li2MnO3–0.3LiNi0.5Mn0.5O2 cathode materials.

The variations of the charge–discharge capacity and coulombic efficiency through
cycling for the (a) 0.3Li2MnO3–0.7LiNi0.5Mn0.5O2, (b) 0.5Li2MnO3–0.5LiNi0.5Mn0.5O2, and
(c) 0.7Li2MnO3–0.3LiNi0.5Mn0.5O2 cathode materials are shown in Figure 8. For the x = 0.3
(Figure 8a) first cycle, the irreversible process was measured at a coulombic efficiency of
around 68%. The discharge capacity was almost constant for the first 10 cycles, with a
slight decrease in the last cycles, using a current density of 15 mA/g, although certain
stability was also observed at higher current densities. For x = 0.5 (Figure 8b), the first-cycle
charge–discharge capacities difference produced a higher coulombic efficiency of 73%. In
this material, the discharge capacity using 15 mA/g gradually increased through cycling
until the capacity was almost 220 mAh/g in the 19th cycle. This could be caused by an
incomplete activation of the cathode material, or it may be due to the size of the particle and
the long diffusion distance of Li+, which made it more difficult to activate them. A decrease
in the next cycle to 210 mAh/g was then observed, remaining almost constant at this value.
This is shown in Figure 6(b1), where at first charge the Li2MnO3 layer was not activated
at all but activated slowly and continuously in the following cycles. This behavior is
completely different compared with x = 0.3 (Figure 8a), which showed decreasing capacity,
because the plateau seen on Figure 6(a1) was longer with a more complete activation of
Li2MnO3, representing an irreversible loss [51]. For x = 0.7 (Figure 8c), the first-cycle
charge–discharge capacities difference produced a low coulombic efficiency, around 20%.
The cycling was almost constant at any current density but had low capacity. At the
current densities of 30 and 45 mA/g, there was no significant difference, perhaps because
of the high content of Li2MnO3 associated with cycling performance deterioration and
its disposition to change structure to spinel form [40]. Additionally, it seemed that a low
reversible capacity was possible due to a longer diffusion distance, which led to a slower
rate of diffusion than was reflected in lower capacities, as seen in this study [55].
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Figure 8. Charge–discharge capacity and coulombic efficiency through cycling for (a) 0.3Li2MnO3–
0.7LiNi0.5Mn0.5O2, (b) 0.5Li2MnO3–0.5LiNi0.5Mn0.5O2, and (c) 0.7Li2MnO3–0.3LiNi0.5Mn0.5O2 cath-
ode materials.

Electrochemical impedance spectroscopy (EIS) measurements were carried out on
the electrochemical cells prepared with the synthesized materials, and the Nyquist plot
results are shown in Figure 9. EIS allows us to understand the various situations that occur
at the interface of the electrode and the electrolyte through a non-destructive technique
that determines the impedance of the electrochemical cell based on small AC signals,
with constant DC voltages in a wide range of frequencies [56]. The impedance spectra
were obtained within the frequency range of 10 mHz to 100 kHz. Each EIS spectrum
presented two overlapped semicircles due to the combination of a capacitor and a resistor
element connected in parallel and an inclined line in the low-frequency region. This
characteristic plot suggested the contribution of two different resistive elements to the
total impedance of the cell. The high-frequency semicircle represents the impedance of
the surface electrolyte interface (SEI) film (Rsf), the medium frequency semicircle denotes
the charge transfer impedance across the interface (Rct), and the small interrupt in the
high frequency corresponds to the electrolyte impedance (Re) [29,40]. All parameters were
represented by plot fitting, with the electrochemical equivalent circuit (EEC) shown on
Figure 10. Where CPE1 represents the capacitance of SEI film, which grows thicker by
electrolyte–electrode reaction during charge–discharge and deteriorates the performance,
CPE2 corresponds to charge–transfer capacitance, and Zw is the Warburg impedance related
to the lithium ions’ diffusion. The impedance parameters’ (Rsf, Rct and Re) values after
fitting are summarized in Table 1.
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Figure 9. Impedance spectrum of the (a) 0.3Li2MnO3–0.7LiNi0.5Mn0.5O2, (b) 0.5Li2MnO3–
0.5LiNi0.5Mn0.5O2, and (c) 0.7Li2MnO3–0.3LiNi0.5Mn0.5O2 cathode materials.

Figure 10. Electrochemical electric circuit (EEC) used to fit the EIS data.

For electrochemical cells with the x = 0.3 layered material (Figure 9a), an increase in
the area of semicircle was observed as the number of cycles increased. An increase in the
Rsf was expected because of the growth of the SEI layer at the interface of the electrolyte
and electrode surface; nevertheless, a high resistance value was found at the first cycle, as
shown in Table 2. This can explain the late activation of the LiMO2-associated layer around
4 V. For subsequent cycles, the impedance was drastically reduced to 900 Ω to increase
when reaching 20 cycles. In the other hand, the Rct impedance increased with cycles; this
behavior could explain the decrease in discharge capacity observed in Figure 6a and poor
cycling stability [57]. Electrochemical cells with x = 0.5 (Figure 9b) showed a large reduction
in semicircle diameter of the high-frequency region with the cycle increasing, related to a
reduction of the charge–transfer resistance, which could be beneficial for improving the
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discharge capacity [25]. A large difference in diameter between the first cycle and the
following was clearly seen. For the fifth, tenth, and twentieth, diameter was highly similar,
revealing that the SEI film formed mostly during the first charge–discharge process and
remained stable during the following charge–discharge cycles. Additionally, since the Rct
value decreased during large cycles, with this material it is possible to reach high capacity
values, as well as the composite layer structure becoming more stable, which improves
cyclability during the charge–discharge process, as shown in Figure 8b. Finally, for the cells
with x = 0.7, although the diameters of the semicircles in the high frequency region had a
behavior similar to that analyzed above, they did not present the second semicircle in the
low frequency region. Instead, almost straight “tails” were observed (Figure 9c). Since the
first cycle was a very inclined one and exceeded 45◦, this was associated with the large size
of the particles [40], which could explain the low capacity reached in the electrochemical
cells using this material.

Table 2. Impedance parameters obtained after fitting the EIS experimental data based on the EEC
model shown in Figure 9.

Impedance Parameter x\Cycle 1st 5th 10th 20th

Rsf (Ω)
0.3 14,760 900 900 1067
0.5 505.4 81.03 65.37 2087
0.7 435.1 2688 5000 1500

Rct (Ω)

0.3 130 167.9 197.5 221.1

0.5 0.9519 1758 965.9 66.63
0.7 265.7 400 180 200

Re (Ω)

0.3 7.901 7.217 7.539 3.273

0.5 9.380 4.45 4.807 6.000
0.7 4.408 7.501 1.532 5.699

4. Conclusions

In this study, a xLi2MnO3–(1−x)LiNi0.5Mn0.5O2 layered composite material for x = 0.3,
0.5, and 0.7 was synthesized by a carbonate-assisted co-precipitation method. The X-ray
diffraction patterns confirmed the formation of the two-phase layered crystal structure,
the rhombohedral LiMO2 structure with R3m space group, and the monoclinic Li2MnO3
structure with C2/m space group. We also observed a decrease in the size of the lattice
parameters with the decrease in the amount of Ni. The CR2032 coin cells were successfully
assembled in an Ar-filled glove box in order to test the electrochemical behavior of the
synthesized electrode materials. The electrochemical results show the two-step Li extraction,
one at potential <4.5 V related to the Li extraction from LiMO2, and the other at potential
>4.5, which corresponds to the activation of Li2MnO3 by means of the extraction of Li
in the form of LiO2. As x increased, the charge and discharge reactions assigned to the
component similar to Li2MnO3 increased, while those corresponding to LiMO2 decreased,
producing an activation that allowed high capacities to be reached. However, there was a
limit related to the size of the particle agglomerates and some spinel phase formation within
the structure of the first material, which was reflected in a slow diffusion rate, inefficient
Li2MnO3 activation, and low capacities. Better electrochemical performance was found
for the x = 0.5 electrode material with a first-charge capacity of 173 mAh/g and a higher
discharge capacity of 210 mAh/g.
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Abstract: The oxygen reduction reaction (ORR) is of great importance for clean energy storage and
conversion techniques such as fuel cells and metal–air batteries (MABs). However, the ORR is
kinetically sluggish, and expensive noble metal catalysts are required. The high price and limited
preservation of noble metal catalysts has largely hindered the wide application of clean power
sources such as fuel cells and MABs. Therefore, it is important to prepare non-expensive metal
catalysts (NPMC) to cut the price of the fuel cells and MABs for wide application. Here, we report
the preparation of a Co3O4 carried on the N-doped carbon (Co/N-C) as the ORR NPMC with a facile
Pharaoh’s Snakes reaction. The gas generated during the reaction is able to fabricate the porous
structure of the resultant carbon doped with heteroatoms such as Co and N. The catalyst provides a
high electrocatalytic activity towards ORR via the 4-e pathway with an onset and half-wave potential
of 0.98 and 0.79 V (vs. RHE), respectively, in an electrolyte of 0.1 M KOH. The onset and half-wave
potentials are close to those of the commercial Pt/C. This work demonstrates the promising potential
of an ancient technology for preparing NPMCs toward the ORR.

Keywords: oxygen reduction reaction; non-precious metal catalyst; Pharaoh’s snakes; electrocatalysts;
Li-air battery

1. Introduction

The rapid depletion of fossil fuels and severe ecological deterioration have made it
urgent to develop sustainable and clean energy sources to address the issues regarding
energy and environmental [1]. Due to their environmental friendliness and high energy
density, fuel cells and metal–air batteries (MABs, such as the Zn-Air and Li-Air batteries)
are considered to be excellent candidates for various applications such as stationary power
generation, mobile power source, and transportation in the future [2,3]. In fuel cells and
MABs, the chemical energy in the fuels is transformed directly into electric power free of
the Carnot recycle. Therefore, the fuel cells and MABs possess efficiencies higher than those
of tradition technologies that generate electric power based on combustion.

Despite these encouraging advantages, fuel cells and MABs still face several challenges.
One of the challenges is their high price because of their dependence on noble metal
catalysts. In both fuel cells and MABs, the O2 or the O2 in the air is reduced via the oxygen
reduction reaction (ORR) on the cathode during discharge [4–6]. According to the ORR
mechanism model proposed by Wroblowa et al. in 1976 [7], the ORR takes place by means
of a complicated process, resulting in the sluggishness of the ORR. The sluggish ORR
necessitates the use of the corresponding catalysts [8]. The state-of-the-art catalysts for the
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ORR are mostly platinum-based materials. However, the high cost of platinum has thus
far prohibited the wide use of the catalyst and, consequently, the corresponding energy
conversion and storage devices. Apart from the high price, the limited preserve of Pt is also
a significnat challenge that has also severely impeded the wide application of Pt catalysts
and new energy systems such as fuel cells and MABs. One approach to solving this problem
is to reduce the usage of Pt catalysts by improving the Pt use efficiency in the catalyst layers.
The use efficiency can be improved by alloying Pt with non-precious metals such as Fe,
Co, Ni, etc., or by supporting the catalyst on carrier materials. However, the reduction
in Pt loading has been totally offset by increasing Pt prices, rendering efforts devoted to
reducing Pt loading in the last two decades almost totally ineffective [9]. Therefore, Pt
loading reduction seems not to be a long-term solution for reducing the cost of catalysts
for fuel cells or MABs. Another promising approach is to develop non-precious-metal
electrocatalysts (NPMCs) from non-Pt metals (non-PGM) [9,10]. Since no precious metals
are needed in the catalyst, this approach is an ideal strategy in the long run, making possible
the wide application of clean and efficient storage and conversion devices such as the fue
cell and MABs [9,11].

In recent years, transition metals carried on heteroatom-doped carbon (M/N-C) ma-
terials have been widely investigated as NPMCs for ORR [9]. In this field, great efforts
have been devoted to developing methods for preparing the NPMCs [9,12]. Generally,
materials rich in porous structures are more likely to provide high catalytic activity. A
tremendous amount of work has been conducted on the preparation of porous catalysts
for ORR. Some examples of this are as follows: aerogels were heated to prepare porous
catalysts for ORR with an onset potential of 0.92 V vs. RHE (VRHE) [13]. Metal–organic
frameworks (MOFs) were investigate as self-sacrificing precursors or templates for the
preparation of nano-porous carbons [14]. Hard templates and NH3 were used to prepare
porous ORR catalysts [15], and an onset potential of ~1 VRHE was obtained. While trying to
prepare efficient porous catalysts, some scientists have been inspired by ancient knowledge,
and encouraging results have been achieved [12,16,17]. The “Pharaoh’s snakes” reaction is
a famous reaction for generating foam materials. In this reaction, great amounts of gases
are generated, resulting in the fabrication of a porous, foam-like product. Therefore, this
“Pharaoh’s snakes” reaction holds great promise for providing an ORR catalyst with high
activity. With sugar, melamine and iron nitrate as precursors, Fe/N-C has been prepared
using the “Pharaoh’s snakes” reaction that exhibited high performance [12]. However,
the Fe ions dissolved from Fe/N-C were detrimental to battery durability. The Fe ions
catalyze radical formation from H2O2 via Fenton reactions [8]. These radicals degrade bat-
tery components such as organic ionomers, membranes and the Fe/N-C catalyst itself [18].
Therefore, it is necessary to replace Fe with metals that do not catalyze Fenton reactions [19],
and Co is such a promising alternative choice [20]. However, the preparation of Co/N-C
catalysts using the “Pharaoh’s snakes” reaction has rarely been performed.

In this study, porous Co/N-C was prepared using a slightly adjusted “Pharaoh’s
snakes” method, and was investigated as a catalyst for ORR in alkaline electrolyte. The
master catalyst sample shows an onset and a half-wave potential of 0.98 and 0.79 VRHE,
respectively. These results demonstrate an interesting application of an ancient reaction to
solve a modern problem.

2. Experimental Section

2.1. Preparation of Electrocatalysts

As displayed in Figure 1, sugar powder (3 g), NH4HCO3 (0.8 g), melamine (2.4 g),
Co(NO3)2.6H2O (0.1 g) were mixed with purified water to prepare a solution, which was
then dried, ground in a mortar, and burned to obtain a snake-like foam ash. The ash was
then pyrolyzed in a tubular furnace with a nitrogen stream of 60 mL min−1 at 900 ◦C for 1 h
with a rate of temperature increase of 5 ◦C min−1. A black carbon material (Co/N-C-900)
was obtained when the furnace was cooled to room temperature. The temperature–time
curve is presented in Figure S1 in the Supplementary Materials (ESI). The Co/N-C was also
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prepared with pyrolyzing temperatures of 800 (Co/N-C-800) and 1000 ◦C (Co/N-C-1000)
to investigate the influence of the pyrolyzing temperature on catalytic activity.

Figure 1. A schematic illustration of the preparation of the Co/N-C using the “Pharaoh’s snakes” reaction.

2.2. Characterization

The catalyst morphologies were examined using a scanning electron microscope
(FESEM, JEOL JSM-7500F) and a field emission transmission electron microscope (TEM,
JEOL JEM-2100F). X-ray diffraction (XRD) patterns were collected with Cu Kα radiation
(λ = 1.5406 Å) (Panalytical, Empyrean). A confocal micro-Raman spectrometer (Jobin
Yvon Laboratory RAM HR1800) was used to determine the Raman spectra through a 10×
microscope objective with backscattered geometry. An Ar+ laser was used as an excitation
source, emitting at a wavelength of 633 nm.

The specific surface area and pore size were measured using nitrogen adsorption/des
orption isotherms (Micromeritics ASAP 2020 V3.00 H) by means of the Brunauer–Emmett–
Teller (BET) and Barrett–Joyner–Halenda (BJH) methods, respectively. To investigate the
surface composition of the catalyst, X-ray photoelectron spectroscopy (XPS) characterization
was performed on a VG ESCALAB 220i-XL instrument with a monochromatic AlKα

X-ray source.

2.3. Electrochemical Measurements

The catalytic activity was investigated by means of electrochemical methods conducted
on an electrochemical work station (CHI 760E, Chenhua, Shanghai) in a three-electrode
system. To prepare the working electrode: the catalyst (2.5 mg) was dispersed in ethanol
(450 μL) and Nafion solution (50 μL) and treated ultrasonically for 30 min to obtain a
homogeneous catalyst ink. Subsequently, the catalyst ink (10 μL) was added onto the
GC electrode, yielding a working electrode with a catalyst loading of 0.25 mg cm−2. For
comparison, a working electrode with Pt/C (20 Wt.% Pt) was also prepared and tested.
A platinum wire and Hg/HgO were used as the counter and reference electrodes, respec-
tively. The potentials were calibrated to a reversible hydrogen electrode (VRHE). Cyclic
voltammetry (CV) and linear sweep voltammetry (LSV) techniques were applied for the
catalytic performance investigation in the electrolyte of 0.1 M KOH saturated with N2 or
O2. The CVs obtained in the N2 saturated electrolyte at various scanning rate were used to
evaluate the electrochemical active surface area (ECSA). The rotating ring disk electrode
(RRDE) tests were conducted at a rate of 10 mV s−1 with a ring potential of 1.5 VRHE. The
catalyst stability was studied with a chronoamperometric current–time (i-t) curve at −0.2 V
(vs. Hg/HgO) in the O2-saturated electrolyte with a rotation speed of 400 rpm.

Electrochemical impedance spectroscopy (EIS) was measured in the frequency range
of 0.01 to 1,000,000 Hz at 0.7 VRHE with an amplitude of 0.005 V.

3. Results and Discussion

Figure 1 schematically shows the preparation process. The NH4HCO3 decomposes at
~60 ◦C, generating a great mount of gases such as NH3 and CO2. The gases result in the
fabrication of pores in solid precursor. As the temperature increases, the sugar will melt to
form a viscous sol, wrapping up the nitrate. As the temperature increases, the cobalt nitrate
wrapped in the sol will decompose, and more porous structures will be fabricated by the
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gases generated by the decomposition of the nitrate, resulting in a foam-like porous carbon
being obtained. At the same time, N from the melamine can be doped into the carbon. As a
result, Co-carrying N-doped carbon is obtained.

The SEM image (Figure 2a) shows that the Co/N-C-900 is randomly scattered as
irregular particles with various sizes. Figure 2b shows the SEM image at higher magnifica-
tion. Channels connecting the particles can be observed. Figure 2c is the SEM image at an
even higher magnification, and pores can be observed in some particles. To demonstrate
the pores more clearly, an enlarged image of the circled area in Figure 2c is presented
in Figure 2d.

 

Figure 2. (a–d) SEM images at various magnifications for Co/N-C-900 (d presents enlarged image of
the part in the red circle of c), (e) XRD pattern, (f) Raman spectra.

The crystallography of the Co/N-C-900 was studied using XRD (Figure 2e). The peaks
at around 25.1 and 43.5◦ are related to the graphite (002, ICDD#41-1487) and (100) planes,
respectively [21]. The two peaks indicate the formation of the graphite phase. The broad
XRD peaks imply that crystallization is relatively low [22], and this is supported by the
HRTEM images (Figure 3b). The peaks at 36.9 and 65.3◦ (ICDD # 00-042-1467) can be
attributed to Co3O4 [23], implying that Co has been doped into the carbon matrix. Figure 2f
shows the Raman spectra for Co/N-C-900. Two peaks appear at 1337.4 and 1583.9 cm−1

for the D and G bands, respectively. The peak for the D band is related to the disordered
structure, implying that the graphite was successful dopped with heteroatoms [24]. The G
band peak is related to the sp2 hybridized carbon atoms [25]. The ID/IG for Co/N-C-900 is
1.02. This value is close to or higher than those of many other catalysts [26]. The high ID/IG
suggests the richness of defective domains. This demonstrates that the Pharaoh’s Snakes
reaction is effective for fabricating the defective domains of the carbon material, and the
defective domains are beneficial to catalytic performance [27].

The microstructure of the Co/N-C-900 was investigated further using TEM (Figure 3).
Figure 3a confirms the structure of the channel-connected particles of the Co/N-C-900,
which is in good agreement with the morphorlogy, as shown in the SEM images (Figure 2).
The channels and pores of the catalyst facilitate the transport of the reacting species to
the active sites, which is helpful for improving catalytic peformance. As shown in the
HRTEM image (Figure 3b), a crystal lattice of 0.21 nm can be observed for graphite [28].
However, the crystal lattice is not continuous, implying that the carbon is amorphous.
This is supported by the XRD pattern (Figure 2e), which has broad peaks. A crystal
lattice spacing of 0.46 nm can also be observed. This lattice spacing is attributed to the
Co3O4 (111) plane [29], implying the existence of the Co3O4. The elemental distribution
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of Co/N-C-900 was analyzed using energy dispersive spectroscopy (EDS) with scanning
transmission electron microscopy (STEM). As shown in the STEM images in Figure 3c–f,
the nitrogen (green) is distributed uniformly on the carbon (red), suggesting the efficient
doping of the N into the carbon matrix. Figure 2f shows that there are Co species carried
on the carbon. However, the Co distribution is not uniform. During the preparation,
sugar powder, NH4HCO3 and Co(NO3)2.6H2O can dissolved in the water. Therefore, the
Co(NO3)2.6H2O can be distributed uniformly on the carbon source of the sugar. However,
the melamine cannot be dissolved in water. As a result, the Co(NO3)2.6H2O cannot be
distributed uniformly on the carbon and nitrogen source of the melamine. Therefore, the
Co is not uniformly distributed on the carbon from the melamine. A longer grounding time
for the solid precursor can improve the distribution, as shown in Figure S2.

 

Figure 3. (a) TEM image of Co/N-C-900, (b) HRTEM image of Co/N-C-900, (c) EDS merged mapping
image of C, N and Co, (d–f) EDS mapping images for C, N and Co, respectively.

The surface area as well as the pore width of the Co/N-C-900 were studied using
the N2 adsorption/desorption isotherm. A type IV isotherm is displayed in Figure 4a,
suggesting a mesoporous structure, and this is backed by the distribution curve of the pore
size (Figure 4b), demonstrating that the pore size is mainly 3.8 nm. The Brunauer–Emmett–
Teller (BET) surface area of the Co/N-C-900 is 457.2 m2 g−1. The carbonized sugar surface
area was increased as a result of the gas generated via the decomposition of the nitrate
and the bicarbonate in the mixture. X-ray photoelectron spectroscopy (XPS, Figure 4c–f)
was applied to study the surface composition of Co/N-C-900. XPS detected the carbon,
nitrogen and cobalt content of 81.75, 5.58 and 1.36 at %, respectively, on the surface of Co/N-
C-900. The C1s high-resolution spectrum (Figure 4d) can be deconvoluted into carboxyl
(289.8 eV) [30], C-N=C (286.0 eV), C-N (284.9 eV), and C=C (284.3 eV) [31–33], implying
that the N has been successfully doped into the carbon matrix. The N is more electrically
negative than carbon, resulting in a re-distribution of the charge of the neighboring carbon,
which changes the O2 chemisorption mode, weakening the O-O bonding and facilitating
the ORR process [34]. Nitrogen doping also introduces spin density asymmetry, making it
possible for the N-doped carbon to show electroncatalytic activities toward the ORR [35].
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Figure 4. (a) Nitrogen sorption/desorption isotherm of the Co/N-C-900, (b) the corresponding pore
width distribution curve, (c) XPS spectra survey of Co/N-C-900, (d) C1s XPS spectra, (e) N1s XPS
spectra, (f) Co2p XPS spectra.

Figure 4e shows the high-resolution N1s spectra of Co/N-C-900, which can be decon-
voluted into three peaks of pyridinic N (398.8 eV) [36], pyrrolic N (399.8 eV), and graphitic
N(401.2 eV) [37]. Both the pyridinic N (20.1 at %) and the pyrrolic N (27.8 at %) have been
considered to contribute ORR active sites [38,39]. Graphitic nitrogen is believed to be able
to facilitate the electron transfer to the antibonding orbitals of oxygen from the carbon
electronic bands [40,41]. The high-resolution Co spectrum (Figure 4f) can be resolved
into Co 2p3/2 and Co 2p1/2 of Co2+/3+. The peaks at 780.94, 795.04 [42], 796.9 [43], and
805.5 eV [44] can be attributed to Co2+. The peaks at 779.74 [45], 780.94, and 786.73 eV can
be attributed to Co2p3/2 and the related satellite peaks [46]. The peak at 781.8 eV can be
attributed to Co-N [47]. According to previous investigations [1], the M-Nx (M: metal) and
N-C moieties are both supposed to be active sites for ORR.

The catalytic performance was characterized using electrochemical methods. The
CV tests were conducted first to evaluate the electrochemical activity. In the N2-saturated
electrolyte, a featureless CV curve (Figure 5a) without peaks can be observed. However,
a reduction peak can be observed in the O2-saturated electrolyte. These results suggest a
facile ORR process on the Co/N-C-900. Subsequently, the catalytic activity on Co/N-C-900
toward ORR was characterized using rotating disk electrode (RDE) technology, and the
LSVs are displayed in Figure 5b. The LSVs show an onset potential of 0.98 VRHE. This
value is close to or higher than many reported values, such as (~0.74 VRHE) [48], as well
as with respect to those reported for biomass such as typha orientalis (~0.87 VRHE) [49],
eichhornia crassipes (~0.98 VRHE) [50], hair (~0.96 VRHE) [51], polyaniline with phytic
acid (~0.94 VRHE) [26], and coconut shells (~0.87 VRHE) [52]. The half-wave potential of
the Co/N-C-900 is 0.79 VRHE. The catalytic performance of commercial Pt/C was also
investigated, and the LSV curve is presented in Figure 5b for comparison. The Co/N-C-900
demonstrated a catalytic activity close to that of the commercial Pt/C (20. Wt%), the onset
and half-wave potentials of which were 0.98 and 0.81 VRHE, respectively. The limit current
density of the Co/N-C-900 is 5.73 mA cm−2, which is almost same as that of the commercial
Pt/C (20. Wt%), of 5.74 mA cm−2. Therefore, the “Pharaoh’s snakes” reaction holds great
promise as a method for the preparation of Co, N co-doped NPMC toward the ORR.
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Figure 5. (a) CV on Co/N-C-900 in N2, O2-saturated electrolyte of 0.1M KOH solution, (b) LSV for
Co/N-C-900 and Pt/C at 1600 rpm, (c) K-L lines. (d) LSV of the RRDE measurements (1600 rpm) of
Co/N-C-900 (e) n and H2O2% at different potentials, (f) current–time curve 0.755 VRHE of Co/N-C-
900 for ORR.

An increase in the current density, as shown in Figure 5b, can be observed with in-
creasing rotational rate, resulting in higher oxygen flux to the electrode. The K-L lines
(Koutecky–Levich lines, Figure 5c) were plotted as the inverse current density (j−1) vs.
the inverse of the rotation speed square root (ω1/2) at various electrode potentials. Based
on the K-L lines, the apparent number of electrons transferred (n) was investigated with
the help of the K-L line slope at various potentials. The n was then calculated using
Equations (1) and (2), in which jk and j are the kinetic and measured current density, re-
spectively, B is the reciprocal K-L line slope (found in the range of 7.24~8.75), as shown
in Figure 5c, F is the Faraday constant (96,485 C mol−1), C0 is the bulk O2 concentration
(1.1 × 10−3 mol L−3), D0 is the O2 diffusion coefficient in 0.1 M KOH (1.9 × 10−5 cm2 s−1),
and γ is the electrolyte kinetic viscosity (0.01 cm2 s−1). The constant adopted when rpm is
used to express the rotational rate was taken as 0.2 [53].

1
j
=

1
jk
+

1
Bω1/2 (1)

B = 0.2nFCOD2/3
O γ−1/6 (2)

The n varies slightly from 3.24 to 3.88, falling within the range 3.2~4.1 for the four-
electron ORR pathway [54,55]. Therefore, the ORR on the Co/N-C-900 is largely a four-
electron process. The linearity of the K-L line and the n value indicate the rapid kinetics
with a predominant four-electron pathway in the investigated potential range. The four-
electron ORR pathway is preferred in fuel cells and MABs for its high electron efficiency
and low H2O2 generation.

RRDE technology as applied to further evaluate the pathways for the ORR on the
Co/N-C-900. As shown in Figure 5d, a low ring current density (∼0.25 mA cm−2) for
peroxide oxidation and high disk current density (∼4.2 mA cm−2) for O2 reduction can be
observed, implying a small amount of H2O2 generation and high catalytic performance
toward ORR [56]. The n and HO2

−% were calculated according to Equations (3) and (4),
respectively [57].

n = 4
id

id + ir/N
(3)

HO−
2 % = 200

ir
N

id + ir/N
(4)
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where id and ir are the ring and disk current, respectively. N is the current collection
efficiency of the Pt ring, and was determined to be 0.39. The n and HO2

−% at various
potentials are shown in Figure 5e. The average n is higher than 3.5 in the potential range of
0~0.9 VRHE, indicating the mainly four-electron pathway ORR pathway, which is in good
agreement with the results from the RDE. The HO2

−% is lower than 25% in the range of 0
to 0.9 VRHE. The HO2

− generation is close to the values reported for other materials, such
as 24.6% [12] and ~20% [56]. Therefore, Co/N-C-900 is a promising ORR NPMC for fuel
cells and MABs.

The ORR stability of Co/N-C-900 was investigated via chronoamperometry at
0.755 VRHE in an O2-saturated electrolyte of 0.1 M KOH solution. The current–time curve
for Co/N-C-900 in Figure 5g remains at around 90% and at around 65% of the initial
current value after stability tests of 3600 s and 432,000 s, respectively. The stability is still
lower than that of the commercial Pt/C, as shown in Figure 5f, which shows a stability of
87.7% after the 42,000 s stability test. The Tafel plots (Figure S3 in the ESI) for Co/N-C-900
and Pt/C were investigated in the corresponding potential range between the onset and
half-wave potentials. The Tafel slope of Co/N-C-900 was 136.9 mV dec−1, which is higher
than that obtained for Pt/C. The higher Tafel slope implies a faster overpotential increase
with current density [58]. The stability and Tafel mean that the Co/N-C-900 possesses
lower catalytic activity than the commercial Pt/C. However, the lower price of Co/N-C-900
still makes it a promising candidate as an ORR catalyst.

The effect of the pyrolyzing temperature on the catalytic activity was investigated.
Figure 6a shows the LSV for the ORR occurring on the catalysts obtained using pyrolyz-
ing temperatures of 800, 900 and 1000 ◦C. The catalyst prepared with a temperature of
900 ◦C showed the highest catalytic performance. The results imply that 900 ◦C is the
optimal pyrolyzing temperature. Usually, a high pyrolyzing temperature is favorable for
the carbonization of the catalyst [59] and helpful for improving the conductivity and elec-
trocatalytic performance. However, high temperatures can cause a decrease in the number
of heteroatoms [59], resulting in a reduction in catalytic performance. Therefore, there
is usually an optimal pyrolyzing temperature for catalysts prepared via the pyrolization
process, similar to what has been reported in other work [60].

CV tests were carried out at different scanning rates to measure the ECSA. The CV
curves for the Co/N-C-800, 900 and 1000 are displayed in Figure S4 in the ESI. The lines in
Figure 6b were determined by plotting the CV curve for the closed area vs. the scanning
rate. The ECSA can be evaluated using line slopes proportional to the corresponding
ECSAs [61]. The slope for Co/N-C-900 was higher than those of Co/N-C-800 and Co/N-
C-1000. Therefore, the Co/N-C-900 possessed the highest ECSA. To further investigate
the mechanism for the differences in catalytic performance among the Co/N-C-800, 900
and 1000, EIS measurements were conducted for the three samples, and the EIS plots are
presented in Figure 6c. An enlarged figure is presented in Figure 6d showing the EIS plots
for high frequencies more clearly. The EIS plots in Figure 6c,d indicate that the conductivity
of Co/N-C-900 was higher than those of Co/N-C-900 and Co/N-C-1000. The high values
of ECSA and conductivity may also be reasons explaining the high catalytic activity of
Co/N-C-900.
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Figure 6. (a) LSV for the Co/N-C prepared at various temperatures, (b) CV closed area vs. scanning
rate, (c) EIS, (d) enlarged EIS of the high-frequency part.

4. Conclusions

The ancient chemical magic “Pharaoh’s snakes” reaction was used to prepare Co3O4
carrying N-doped porous carbon (Co/N-C) as a non-precious metal catalyst for ORR, an
important electrode reaction in fuel cells and metal–air batteries. The “Pharaoh’s snakes”
reaction possesses the advantages of being low cost, facile, and fast in the preparation of
Co/N-C catalyst for ORR. The obtained catalyst showed considerable activity towards
ORR, with an onset potential of 0.98 VRHE and a half-wave potential of 0.79 VRHE in 0.1 M
KOH solution as electrolyte. This investigation provides a promising alternative method
for the preparation of Co, N co-doped non-precious-metal catalyst for ORR, an important
electrode reaction for fuel cells and metal–air batteries such as Zn–air and Li–air batteries.

Supplementary Materials: The following supporting information can be downloaded at: https://
www.mdpi.com/article/10.3390/batteries8100150/s1, Figure S1:Temperature-time curve; Figure S2:
SEM mapping, (a) SEM image, (b) C, (c) N, (d) Co; Figure S3: Tafel plots of Co/N-C-900 and Pt/C
20 wt. %; Figure S4: CV curves at various scanning rates for Co/N-C-800(a), Co/N-C -900(b) and
Co/N-C -1000 (c).
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Abstract: Efficient extraction of Li from brine at a low cost is becoming a key technology to solve
energy and environmental problems. Electrochemical extraction of Li has become a research hotspot
due to its low energy consumption, high selectivity, and environmental friendliness. LiMn2O4,
LiFePO4, and LiNi1/3Co1/3Mn1/3O2 are widely used as cathode materials for the electrochemical
extraction of Li but they also have some drawbacks, such as a small adsorption capacity. In this
paper, the principle of electrochemical Li extraction from brine is reviewed and the research progress
and analysis of the above three working electrode materials is summarized. In addition, analysis
of the extraction of other rare ions from the working electrode material and the effect of micro-
organisms on the working electrode material is also presented. Next, the shortcomings of working
electrode materials are expounded upon and the research direction of working electrode materials
in electrochemical Li extraction technology are prospected. It is hoped that this paper can provide
insights and guidance for the research and application of electrochemical Li extraction from brine.

Keywords: brine; electrochemistry; lithium extraction; working electrode; micro-organism

1. Introduction

Lithium (Li) is the lightest metal element in the world, with active chemical properties,
high electrical conductivity, and specific heat capacity [1]. It is widely used in batteries,
ceramics, the nuclear industry, and other fields [2]. In recent years, with the development
of electronic products and new energy vehicles, the market demand for lithium resources
has been increasing [3]. In addition, global lithium resources are unevenly distributed,
mainly in Chile, Argentina, Bolivia, China, and Australia [4]. Generally, Li exists mainly
in the form of compounds in Li ore, brine, and seawater. In particular, the Li content of
brine is much larger than that of Li ore, and ore lithium extraction has the disadvantages
of being highly energy-intensive and polluting, with half of the global Li raw materials
coming from brine extraction [5]. In addition to Li ions, brine also contains a large amount
of alkali metal ions and alkaline earth metal ions (Li+, Na+, K+, Mg2+, Ca2+, and Ba2+) [6].
It is difficult to separate the lithium ions from the brine because the hydration radii and
chemical properties of magnesium and lithium ions are very similar [7]. In addition, a
large number of micro-organisms are present in the brine. The research shows that, in
the Atacama Salt Lake in northern Chile, when the total salt concentration is 55.6%, there
are still hundreds of micro-organisms, including the Archaea halovenus, Halobacterium, and
haloccus, of which the most abundant is Scutellaria [8]. There are also a large number of
halophilic micro-organisms in the Utah salt lake with a total salt concentration of more
than 30%, in which the density of prokaryotes is greater than 2–3 × 107 cells/mL, mainly
Salinibacter, Halobacillus halophilic archaea, unicellular green algae, and Dunaliella [9].
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There are various methods for the extraction of brine, such as the extraction method,
adsorption method, membrane separation technology, precipitation method, solar pond
crystallization technology, etc. [10]. The extraction method requires a large amount of
organic solvents [11]. The adsorbent in the adsorption method may cause the corrosion
of equipment [12]. Membrane separation technology is expensive, and the membrane
is prone to clogging [13]. The precipitation method is too time-consuming [14]. Solar
pond crystallization technology has a long process cycle and is limited by geography [15].
However, the electrochemical extraction of Li has the advantages of green environmental
protection [16], strong adaptability, process simplicity, and high efficiency [17], which have
attracted extensive attention from researchers.

Based on the working principle of Li iron phosphate batteries, the electrochemical
extraction process of Li utilizes potential-controlled electrode materials to extract Li from
brine. The selection and preparation of electrode materials are one of the main factors af-
fecting electrochemical Li extraction. Therefore, the research progress of working electrode
materials in the electrochemical extraction of Li was reviewed in this paper. In addition,
due to the strong corrosiveness of brine and the existence of micro-organisms, the influence
of brine and micro-organisms on the working electrode material was further analyzed.
Next, analysis of the shortcomings of the working electrode in the current electrochemical
extraction process of Li is summarized and its follow-up research direction is prospected.
It is hoped that this review will provide new ideas for the development and application of
Li electrochemical extraction processes.

2. Principle of Electrochemical Extraction of Li from Brine

Typically, Li-ion battery cathode materials are employed in the electrochemical ex-
traction process of Li [18]. The extraction of Li is achieved through the movement of
Li ions between the electrode and the electrolyte during charge and discharge [19]. Li
ions are reduced from the electrolyte and intercalated into the cathode material (working
electrode material) during discharge; Li ions are desorbed from the cathode material into
the electrolyte during charging. According to the principle of charge and discharge, the
electrolyte is replaced with brine. Li ions in brine intercalate into the cathode material
during discharge; Li ions enter a single recovery solution to achieve Li-ion extraction during
charging. The principle of electrochemical extraction of Li from brine is shown in Figure 1.
Based on the above principles, Pasta et al. [20] proposed the electrochemical ion pumping
technology, using FePO4 as the working electrode, which does not need to regenerate the
adsorption material through chemical substances, requires a short time, minimizes the
enthalpy term related to chemical bond breaking and formation, and requires less energy.
The reaction formulas are given in (1) and (2) [21].

FePO4 + LiCl + Ag → LiFeO4 + AgCl (1)

LiFeO4 + AgCl → FeO4 + LiCl + Ag (2)

Figure 1. The principle of electrochemical extraction of Li.
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Currently, LiMn2O4, LiFePO4, and LiNi1/3Co1/3Mn1/3O2 are widely used as cathode
materials for the electrochemical extraction of Li. The electrochemical extraction process of
Li based on LiMn2O4/Li1-xMn2O4 has the advantages of low cost and high Li selectivity
and is an effective method to alleviate the shortage of Li resources and the extraction
process is shown in Figure 2 [22]. In particular, LiMn2O4 has been widely used in the
extraction of Li resources due to its high selectivity for Li+. Due to the high selectivity of
electrode materials, only lithium ions are allowed to be embedded in the corresponding
lattice in the extraction process and acidic or strong oxidizing eluents are not used to
elute the ion sieve in the process of lithium extraction, which realizes the environmental
friendliness of lithium extraction and avoids the damage of eluents to the structure of
the ion sieve. In addition, the properties of cathode materials are also one of the main
factors limiting the electrochemical extraction of Li. Therefore, the optimization of electrode
materials and performance improvement are of great significance for the application of
the electrochemical extraction of lithium. Selectivity, exchange capacity, cycling stability,
etc., are the directions of electrode material optimization. In particular, selectivity needs
to be prioritized.

 

Figure 2. Schematic of lithium extraction with the driving mode of (a) CC and (b) CV [22].

3. Research Progress of Working Electrode Materials in Electrochemical Extraction of
Li from Brine

At present, Li manganate, Li iron phosphate, Li cobalt oxide, etc., are commonly used
as working electrode materials for the electrochemical extraction of Li, which can improve
the electrochemical insertion and removal of Li ions. The above electrode materials should
be most considered in the practical application process for their selectivity, exchange capac-
ity, and cyclic stability of lithium ions. Spinel-structured Li manganate, olivine-structured
Li iron phosphate, and layer-structured LiNi1/3Co1/3Mn1/3O2 have been widely studied
due to their desirable properties (Figure 3). Therefore, analysis of the structure, principle,
and research progress of the above three working electrode materials is summarized here.

Figure 3. Three kinds of working electrodes for electrochemical extraction of Li.
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3.1. Spinel Structure

LiMn2O4 has higher electrical conductivity than LiFePO4, which might be due to
the alternate arrangement of manganese and oxygen in MnO2. The structure formed a
channel that is favorable for the (de)intercalation of Li ions. In particular, the spinel-
type structure remained unchanged during the extraction or intercalation process and the
λ-MnO2 formed after Li extraction was highly selective to Li [23]. However, LiMn2O4
exhibited poor cycling stability due to Mn leaching, which could be improved by improving
its preparation method [24].

To overcome the above deficiencies, Shang et al. [25] prepared a multi-walled carbon
nanotube (CNT) tandem LiMn2O4 (CNT-s-LMO) composite, which exhibited a favorable
selectivity and extraction rate (84%) that was synergistic with the CNT-s-LMO hybrid
capacitive deionization (HCDI). Furthermore, the capacity retention rate was 90% after
100 cycles [26]. In addition, spinel-type Li1-xNi0.5Mn1.5O4 (LNMO) had a higher capacity
than LiMn2O4 (the adsorption capacity can reach 1.259 mmol/g) and the working electrode
does not deteriorate after 50 cycles. It can be used as a Li-ion deintercalation material
for the electrochemical extraction of Li [27]. It has been reported that the λ-MnO2/rGO-
based CDI system exhibited favorable selectivity and high cycle stability for Li extraction
from synthetic salt lake brine, which was attributed to its special intercalation structure.
The structure has abundant active sites and a fast ion transport rate [28]. Similarly, the
separation factors of Li+/Na+ and Li+/M2+ in simulated brine are 1040.57 and 358.96 for the
prepared scalable 3D porous composite electroactive membrane (λ-MnO2/rGO/Ca-Alg),
respectively. The excellent Li-ion extraction performance is due to the porous network
structure and the potential-responsive ion pump effect in the ESIX process [29]. Xie et al.
designed an electrochemical flow-through HCDI system with adequate trapping ability
and stability for Li ions, and the lithium absorption capacity was as high as 18.1 mg/g,
which was attributed to the trapping of Li ions in the λ-MnO2 electrode via a Faraday
redox reaction. Additionally, the λ-MnO2 electrode exhibited excellent Li-ion selectivity
when the brine contained a variety of cations, while avoiding the use of harmful acids
or organic solvents [30]. Mu et al. [31] developed an electrode based on mesoporous λ-
MnO2/LiMn2O4 modification with a large specific surface area of 183 m2/g, an extracted
Li content of 75 mg/h per gram of LiMn2O4, and energy consumption of 23.4 Wh/mol;
the electrode system provides an energy-efficient method for Li+ extraction from brine. To
improve the cycling stability of the electrodes, LiMn2O4 electrodes coated with Al2O3-ZrO2
thin films were prepared. Due to the synergistic effect of Al2O3-ZrO2 during charge and
discharge, the chemical stability and high active sites on the electrode surface significantly
improved the cycle capacity. After 30 cycles, the extraction capacity of lithium increased
from 29.21% to 57.67% [32]. The reaction formulas for extracting lithium using LiMn2O4
are given in (3) and (4).

2λ-MnO2 + Ag + LiCl = LiMn2O4 + AgCl (3)

LiMn2O4 + AgCl = 2λ-MnO2 + Ag + LiCl4 (4)

Electrochemical extraction of Li needs to be carried out in corrosive brines, so cathode
materials with high cycling stability are required. The three-dimensional nano-structured
inorganic gel framework electrode prepared by introducing polypyrrole/Al2O3 on the
surface of LiMn2O4. Lithium was extracted from simulated brine with an initial capacity of
1.85 mmol/g and after 100 cycles, it showed a capacity retention rate of 85%, indicating its
high cycling stability [33]. Fang et al. fabricated LiMn2O4@C/N-4 (LMO@CN-4) membrane
electrodes with a maximum capacity of 34.57 mg/g in 40 min through in situ polymerization
and high-level annealing. This might be due to the carbon encapsulation as a conductive
layer that enhances charge and ion transport and prevents the bulk collapse of the crystal
and the dissolution of Mn as a buffer layer [34]. In addition, Li extraction from low-
concentration brine, seawater, and wastewater with low-concentration Li content should
be of concern.
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3.2. Olivine Structure

LiFePO4 with an olivine structure is a crystal framework composed of many FeO6
octahedra and PO4 tetrahedrons, which realizes the insertion and extraction of Li+ during
the oxidation and reduction of iron [35]. LiFePO4 has a higher theoretical capacity and
lower Li intercalation potential than λ-MnO2 (Ramasubramanian et al., 2022). LiFePO4
electrode material (Ag is used as the counter electrode) exhibited high stability and Li-ion
deintercalation capacity in an aqueous solution; the Li-Na ratio increased from 1:100 to
5:1, so it was selected as the working electrode for electrochemical extraction of Li [36].
The PO4 tetrahedron between LiO6 and FeO6 in the olivine structure limited the volume
change in LiFePO4, which also limited the insertion and extraction of Li+ during charge
and discharge. The olivine-structured LiFePO4 had better cycling stability due to its high
lattice stability. The PPy/Al2O3/LMO of 3D nanocomposite inorganic gel framework
structure prepared by the sol-gel method and polymerization method effectively improved
the adsorption capacity and cycling stability of Li. This was attributed to the protection
of the PPy/Al2O3 coating and the larger specific surface area [33]. In addition, LiFePO4
exhibited high efficiency and stability during selective Li extraction from seawater, which
was mainly achieved by the difference in electrochemical potential in the intercalation or
deintercalation reaction and the diffusion-activated barrier in the FePO4 framework, with
molar selectivity as high as 1.8 × 104 [37]. Kim et al. [38] used FePO4 electrode to recover
Li from simulated artificial seawater. Inspired by mussels, they coated the electrode surface
with polydopamine coating, which increased the amount of Li recovered and improved the
selectivity by about 20 times. The Li0.3FePO4 electrode exhibited favorable ion selectivity,
cycling stability, and adsorption capacity, showing promising application potential [39].
The reaction formulas for extracting lithium using LiFePO4 are given in (5) and (6).

FePO4 + Li+ + e− → LiFePO4 (5)

LiFePO4 − e− → FePO4 + Li (6)

3.3. Layered Structure

The layered structure of LiNi1/3Co1/3Mn1/3O2 (NCM) had the advantages of high
theoretical discharge capacity, high charge-discharge rate, effective cycle stability, low cost,
and low environmental toxicity [40]. NCM is the most ideal working electrode material,
which is widely used in the electrochemical extraction of lithium. The synthesis method
is simple and the electrochemical performance is excellent. The initial specific capacity of
NCM was 193 mAh/g. After 1000 cycles at 1 C, the specific capacity is still 155 mAh/g [41].
NCM adopts a diamond-shape α-NaFeO2 structure and continuous alternating [MO2]−
(M = Ni, Co, Mn) and Li layers, in which only Ni2+ and CO3+ are active; Mn4+ is conducive
to maintaining the stability of crystal structure. The research showed that the NCM material
in the Li electrochemical extraction system exhibited favorable selectivity and adsorption
capacity and could achieve efficient Li extraction under the condition of the coexistence
of various impurity ions. Compared with traditional Li extraction, it had the advantages
of low energy consumption, high Li+ yield, short duration, and green environmental
protection [42]. In addition, compared with the organic solution, NCM exhibited a fast
charge-discharge rate and adequate stability in aqueous solution. The diffusion coefficient
of NCM in the aqueous solution is 1.39 × 10−10 and the charge and discharge are completed
within a few seconds. After 1000 cycles, its capacity loss was only 9.1% [43]. Applied
electrode material NCM to the actual brine can show high selectivity for lithium ions
and can obtain Li chloride with a purity of up to 96.4% (i = ± 0.25 mA/cm) [42]. Zhao
et al. developed a continuous-flow NMMO/AC hybrid supercapacitor (CF-NMMO/AC)
using a depolymerized LNMMO cathode (NMMO) and an AC anode, exhibiting high
capacity, high rate, and excellent cycling stability. The device consumed only 7.91 Wh/mol
in simulated brine, and the extraction rate of Li+ was as high as 97.2% [44]. Although
NCM has a fast Li-ion intercalation and deintercalation rate and favorable cycle stability, its
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preparation conditions are harsh and the cost is high. In addition, the corrosiveness of brine
puts forward higher requirements on the chemical stability of electrode materials. Zhao
et al. prepared a graphene gauze-modified LiNi0.6Co0.2Mn0.2O2 core-shell microsphere
(rGO/NCM) with high capacity, effective cycling stability, and fast (de)intercalation rate,
and the extraction rate of Li+ was up to 93% in simulated saline. This was attributed to
the electron transfer pathway provided by graphene gauze instead of ion transfer between
lattices, which effectively reduced the possibility of NCM lattice collapse [45]. In conclusion,
NCM with excellent screening performance and a simple preparation process is the main
research direction for future studies.

In view of the current shortcomings of the above three working electrode materials,
new electrode materials with favorable selectivity, high adsorption capacity, and effective
cycle stability could be developed by modification methods, such as electrode doping and
coating. In addition, it is also a research direction to combine the excellent properties of
the three. In particular, layered spinel hetero-structured Li-rich material (LSNCM) and
nanocrystalline bismuth (NCBI) constituted a desalination battery with a Li recovery rate
as high as 99%, which could be used for Li extraction from low-salinity brine [46]. The
lithium extraction performance of the above three electrode materials is shown in Table 1.

Table 1. Summary of lithium extraction performance of three electrode materials.

Properties LiMn2O4 LiFePO4 LiNi1/3Co1/3Mn1/3O2

Initial brine
[Mg/Li ratio] 147.8 [47] 134.4 [48]; 132 [49] 5.15 [42,45]

Selectivity High Lithium ion
selectivity [47]

High Lithium ion
selectivity [48]

High Lithium ion
selectivity [42]

Cyclic stability After 100 cycles, the capacity
retention was 91% [47]

Capacity retention exceeds 90%
after 100 cycles [39] excellent cycle stability [42,45]

Absorption capacity
[mg/g]

37 [50];
12 [47] 25 [48]; 9.13 [49] 1.56 [42];

13.84 [45]
Purity [%] 96.2 [51] 74.3–99.98 [52] 93 [42]; 96.4 [45]

Energy
[Wh/mol] 7.63 [50]; 37 [47] 2.8–29.5 [52] 2.6 [42]; 1.4 [45]

Efficiency [%] 83.3 [47] 83 [48]; 82.23 [39]; 91.11 [49] 84.4 [45]

Advantages Highly selective, higher
electrical conductivity

Adequate ion selectivity, cycling
stability and

adsorption capacity

High theoretical discharge
capacity, high charge/discharge

rate, favorable cycle stability,
low cost and low

environmental toxicity

Disadvantages

Poor cycle stability, Harsh
preparation process, low

capacity of reversible
embedded lithium

High power consumption, low
conductivity and tap density

Preparation conditions are
harsh and the cost is high

3.4. Working Electrode Material to Extract Other Rare Ions

Electrochemical working electrode materials can extract not only lithium ions from
seawater or brine but also other high-value ions, such as rubidium ions, by the same
mechanism [53]. Rubidium is widely present in brines, and its coexistence with alkali
metals with similar properties makes extraction more complicated [54]. Xu et al. [55]
prepared lithium/rubidium imprinted layered porous silica (Li/Rb-IHPS) for the selective
recovery of lithium and rubidium from aqueous solutions, which showed high absorption
capacities of 166 μg/g and 141 μg/g for both lithium and rubidium, respectively. Current
studies on the extraction of other high-value ions using working electrode materials are
scarce, so the exploration of other rare elements using existing electrochemical lithium
extraction systems is essential.
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3.5. The Effects of Micro-Organisms on Working Electrode Materials

There are many micro-organisms in brine, such as halophilic bacteria, and some of
them can be used as anode catalysts. Salt-loving bacteria can be used as anode catalysts
in microbial fuel cells to enhance the performance of microbial fuel cells, such as starch
degradation [56]. In addition, using chromium wastewater as an anion and anaerobic
micro-organisms as an anode biocatalyst, hexavalent chromium (Cr6+) can be reduced on
an abiotic cathode by using an exogenous biofilm on the anode of a microbial fuel cell
(MFC) [57]. It is found that Halophilic archaea safranine sodium can cause corrosion of steel
materials and its impact on cathode materials is rarely reported [58]. The aerobic halophilic
archaeon Natronorubrum tibetense can cause severe localized corrosion of Q235 carbon
steel [59]. Therefore, the interactions between micro-organisms and working electrode ma-
terials should also be paid attention to. In addition, there are a large number of suspended
solids and micro-organisms in the brine, which can block the electrode materials [60].

4. Conclusions and Prospects

The demand for Li and its compounds is increasing year by year with the rapid
development of the new energy industry. The electrochemical extraction process of Li
has attracted more and more attention due to its advantages of being green, having high
efficiency, saving energy, and being safe. However, there are also a series of problems in
the actual application process, such as low Li-ion migration rate, low Li-ion adsorption
capacity, and poor cycle stability in the working electrode. Therefore, we should address
the above problems from the following perspectives:

(1) It is necessary to develop working electrode materials with excellent comprehensive
properties. Improving the electrochemical performance of the working electrode is the
key to realizing engineering applications, which can start from the aspects of porosity,
particle size, and synthesis route. The high saline-alkali environment of brine should
also be considered. Furthermore, protective coatings can be developed to enhance
the corrosion resistance of electrode materials by exploring the relationship between
lattice size change and corrosion.

(2) The current research on working electrodes is heavily dependent on experimental
conditions and lack of standardized methods. Therefore, it is necessary to establish
a scientific evaluation system of electrode materials as soon as possible to obtain
electrode materials with application prospects.

(3) The influence of micro-organisms on extraction equipment and electrode materials
deserves further study due to their abundant presence in brines. Micro-organisms
affect the performance of cathode materials and affect the safety, stability, and extrac-
tion efficiency of extraction equipment by corroding metal materials (such as pipes),
and their mechanism of action needs to be further explored. In addition, the working
electrode is prone to be blocked by micro-organisms during long-term use, so the
removal of micro-organisms in brine deserves attention.

(4) Material genomics integrate high-throughput computing, high-throughput prepara-
tion, high-throughput detection, and database systems, which can greatly shorten
the material development cycle. Facing the problems existing in the current working
electrode for electrochemical lithium extraction, material genomics can be used to
design and prepare electrode materials.

(5) Parameters such as brine flow rate and electric field distribution also have an impact on
the efficiency, ion concentration, and lifetime of electrochemical lithium extraction [61].
For example, a flow-by-flow configuration with a small amount of intercalation
material is not suitable for large-scale lithium extraction from brine, while a cross-flow
configuration is suitable for industrial scale-up at a moderate flow rate. In addition,
the lithium extraction efficiency also depends on the total current applied to the
reactor. Therefore, operational parameters must be traded off to find the optimal
conditions (capacity and capture rate) for the electrochemical extraction of lithium.
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(6) In addition to the working electrode materials, the construction of an electrochemical
lithium extraction system has an important impact on the cost, efficiency, and energy
consumption of electrochemical lithium extraction. Therefore, the development of
electrochemical lithium extraction can be promoted by improving the electrode system
and one such improvement is the exploration of the counter electrode system. The
function of a counter electrode is to form a closed circuit in the electrochemical
lithium extraction system and maintain the electric neutrality of the electrochemical
lithium extraction system. Common counter electrodes are Ag electrode, Pt electrode,
titanium electrode, activated carbon electrode, polymer electrode, etc. Compared with
traditional precious metals, the environmentally friendly material-activated carbon
electrode yields significant cost benefits. Next, we should also integrate the working
electrode material with the counter electrode system to enhance the performance of
the electrochemical lithium extraction system.

(7) The biggest challenge of current electrochemical lithium extraction is the amplification
effect in the real industrial scale-up process for which the existing working electrode
materials, devices, specific operating parameters (such as DC potential, feed flow
rate, the cycles of the recovered solution, etc.), energy consumption, etc., should be
optimized and integrated.

In general, the electrochemical extraction of Li from brine is still the trend of Li resource
acquisition and electrode materials are the bottleneck restricting its industrial application.
The performance of electrode materials are one of the main research directions for future
studies. In addition, the impact of other aspects of brine on electrode materials should also
be comprehensively considered to sustainably extract Li resources from brine.
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Abstract: A multistage architecture with molybdenum nitride and oxide quantum dots (MON-
QDs) uniformly grown on nitrogen-doped graphene (MON-QD/NG) is prepared by a facile and
green hydrothermal route followed by a one-step calcination process for lithium ion batteries (LIBs).
Characterization tests show that the MON-QDs with diameters of 1–3 nm are homogeneously
anchored on or intercalated between graphene sheets. The molybdenum nitride exists in the form of
crystalline Mo2N (face-centered cubic), while molybdenum oxide exists in the form of amorphous
MoO2 in the obtained composite. Electrochemical tests show that the MON-QD/NG calcinated
at 600 ◦C has an excellent lithium storage performance with an initial discharge capacity of about
1753.3 mAh g−1 and a stable reversible capacity of 958.9 mAh g−1 at current density of 0.1 A g−1 as
well as long-term cycling stability at high current density of 5 A g−1. This is due to the multistage
architecture, which can provide plenty of active sites, buffer volume changes of electrode and enhance
electrical conductivity as well as the synergistic effect between Mo2N and MoO2.

Keywords: molybdenum nitride; molybdenum oxide; quantum dots; nitrogen-doped graphene;
lithium ion batteries; electrochemical performance

1. Introduction

Transition metal nitrides (MNx, M = Mo, Fe, Ni, V, W, etc.) are useful materials with nu-
merous industrial applications, such as abrasives, cutting tools, electronics, catalysis as well
as electrochemical applications. Due to the excellent metallic conductivity and low polariza-
tion loss, transition metal nitrides have been used widely as energy storage materials, e.g.,
LIB anode materials, in recent years. The molybdenum nitrides are promising anode mate-
rials in LIBs among the various transition metal nitrides [1–4]. For the sake of overcoming
the limitations of large volume change during the charge/discharge progress, low diffusion
rate of electrolyte and lithium ion as well as poor electron transport at high rate of cycles,
the molybdenum nitrides were prepared into all kinds of nano-shaped particles or/and
combined with other materials forming composites [3,5–17]. Zheng et al. [18] prepared
a nano-complex with Mo2N quantum dots @MoO3@nitrogen-doped carbon (MON-NC)
by a sol–gel method. Electrochemical performance tests showed that MON-NC has much
higher rate performance and longer life cycle performance than that of Mo2N@MoO3 and
nitrogen doped carbon (NC). Liu et al. [19] prepared a composite with the Mo2N-coated
hollow nanostructure of MoO2. The composite has a reversible capacity of 815 mAh g−1

after 100 cycles at current density of 0.1 A g−1. Zhang et al. [11] obtained a molybdenum
nitride-doped graphene (MoN/GNS) composite material by calcining the precursor in NH3
atmosphere. The MoN/GNS composite had good rate and cycle performance. However,
these preparation methods usually contain complicated procedures and harsh synthetic
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conditions such as the use of templates and toxic or dangerous gases (e.g., NH3 or H2),
which are adverse to its practical application and large-scale production. Calcinating the
complex AM-HMTA precursors of ammonium molybdate ((NH4)4Mo7O24•4H2O, AM)
and hexamethylenetetramine (C6H12N4, HMTA) under N2/H2 mixed atmosphere is a
relatively simple method to prepare molybdenum nitride [20,21]. In our previous research,
we found that the Mo2N products contained part of MoO2 by calcinating the AM-HMTA
precursors in pure N2 atmosphere [22]. The oxide MoO2 is also an intensely appealing
anode material for LIBs owing to its higher theoretical specific capacity (838 mAh g−1) and
higher density (6.5 g cm−3) than those of the currently used graphite anode.

Herein, we prepared molybdenum nitride and oxide quantum dots (MON-QDs)
anchored on nitrogen-doped graphene (MON-QD/NG) composite material by a facile and
green hydrothermal route followed by a one-step calcination process in pure N2 atmosphere.
In the synthesis, graphene oxide (GO) can be added as an “assembled binder” to anchor
these generated MON-QDs on reduced graphene oxide uniformly. The MON-QD/NG
showed excellent lithium storage performance owing to the synergistic effect between
0D MON-QDs and 2D nitrogen-doped graphene nanosheets. MON-QDs can improve
the electrochemical activity of electrode material by providing plenty of active sites while
graphene nanosheets can inhibit the structure collapse and shorten the lithium ion diffusion
pathway. Consequently, these superior characteristics endow MON-QD/NG with high
lithium storage capacity, good cycle stability as well as excellent rate performance, and it is
a promising anode material for LIBs.

2. Experimental Details

2.1. Preparation of Samples

Firstly, the precursors AM-HMTA and graphene oxide (GO) were prepared. The
AM-HMTA was obtained by the following steps: (1) 3.5 g ammonium molybdate
((NH4)4Mo7O24•4H2O, AM) and 6 g hexamethylenetetramine (C6H12N4, HMTA) were
dissolved in 50 mL deionized water, respectively; (2) the aqueous HMTA solution was
added into the AM solution; (3) after magnetic stirring for 4 h, the mixed solution was
left overnight to precipitate the white complex completely; (4) the AM-HMTA precursor
was gained by filtering and then drying the white complex. The GO solution was pre-
pared using graphite powder based on the method of modified Hummers [23]. Then, the
prepared AM-HMTA was added to GO solution (4 mg mL−1) with a weight ratio of 7:3
followed by stirring for 12 h to form a stable AM-HMTA/GO solution. After the above
processes, the AM-HMTA/GO solution was sealed in an autoclave and heated at 180 ◦C
for 6 h to obtain nitrogen-doped sponge, which was freeze-dried for 72 h further. Lastly,
the freeze-dried sponge was calcinated at 500 ◦C, 600 ◦C and 700 ◦C for 2 h under N2
atmosphere, respectively. The obtained samples were abbreviated as MON-QD/NG-500,
MON-QD/NG-600 and MON-QD/NG-700 according to their calcinating temperature.
Reduced graphene oxide (rGO) was also obtained via calcinating freeze-dried GO under
the same conditions as that of MON-QD/NG.

2.2. Characterization

X-ray diffraction (XRD) tests were performed through a Rigaku Ultima IV instrument
with Cu Kα radiation. A HORIBA Scientific LabRAM HR Evolution Raman spectrometer
system was used to record the Raman spectra. X-ray photoelectron spectra (XPS) were
recorded on a Perkin-Elmer PHI ESCA system. The microstructure and morphology of
samples were observed by scanning electron microscope (SEM) (JSM-7001F) and transmis-
sion electron microscope (TEM) (JSM-2100). The specific surface area was measured by
the Barrett–Emmett–Teller (BET) method. The pore size distribution was calculated by the
Barrett–Joyner–Halenda (BJH) model.
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2.3. Electrochemical Measurement

Electrochemical performances of the samples were measured through CR2016 coin
type cells. The fabricated electrodes were prepared by mixing MON-QD/NG, polyvinyli-
dene fluoride (PVDF) and carbon black in a weight ratio of 8:1:1 using N-methyl-2-
pyrrolidone (NMP) as solvent. Then, the homogeneous slurry was coated onto a copper
foil. Celgard 2400 polypropylene and pure lithium metal sheets were used as separator and
counter electrode, respectively. The cells were assembled in an argon-filled glove box with
concentration of H2O and O2 below 0.5 ppm. The assembled cells were allowed to stand for
24 h before electrochemical testing. Galvanostatic charge/discharge measurements were
carried out in the voltage range between 0.01 and 3.00 V (vs. Li/Li+) on a battery test instru-
ment (LANHE CT2001A, Wuhan, China). Rate performance was tested at current density
from 0.1 to 5 A g−1. After rate performance tests, the samples directly underwent charge–
discharge cycles 300 times at 5 A g−1. Cyclic voltammetry (CV) tests were performed in
the voltage range of 0.01–3.00 V on an electrochemical workstation (CHI660E) at different
scan rates from 0.1 to 1 mV s−1. Electrochemical impedance spectroscopy (EIS) was used in
the frequency range of Hz to 0.01 Hz. The EIS spectra were fitted by Zview software.

3. Results and Discussion

3.1. Structural and Characterization

The crystal structures of the MON-QD/NG samples were confirmed by XRD patterns,
as shown in Figure 1 The XRD pattern of rGO shows a broad diffraction peak at about
24◦ corresponding to the (002) diffraction plane of graphite, which may be related to the
semi-graphitized nature [24,25]. Similarly, XRD patterns of MON-QD/NG samples show
obvious diffraction characteristic peaks of graphene, corresponding to the rGO. Only weak
diffraction peaks at 37.3◦, 43.6◦, 63.2◦ and 75.5◦ corresponding to the (111), (200), (220) and
(311) crystal planes of the face-centered cubic (fcc) Mo2N (JCPDS:25-1366) can be observed.
The weak and broadened characteristic peaks of fcc Mo2N may be related to the different
micromorphology, such as crystal size. However, no diffraction peaks of MoO2 can be
detected, due to the amorphous state.

Figure 1. XRD pattern of MON-QD/NG, rGO and the standard card of face-centered cubic Mo2N.

Raman tests were conducted on MON-QD/NG to further explore the structural in-
formation of the composites prepared at different temperatures, as shown in Figure 2.
There are two strong peaks at about 1350 cm−1 and 1595 cm−1 of the three composites,
which belong to D peak (associated with the sp3 defective) and G peak (arises from the
bond stretching of all sp2−bonded pairs), respectively. In general, peak D represents the
disordered induction peak of sp3 carbon, while peak G represents the stretching vibration
of the C−C bond, which is related to the defect or small crystal size of graphene and the
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graphite lattice pattern and sp2 bond, respectively. The strength ratio of ID/IG was used to
characterize the structural disorder degree, defect degree and graphitization properties of
carbon materials [26]. Figure 2a shows the two characteristic peaks D, and G of graphene,
and the intensity of peak D is significantly higher than that of peak G. Meanwhile, the
asymmetric trailing extension of peak D extends to about 970 cm−1, which is caused by the
nitrogen-doped graphene [27]. The strength ratios (ID/IG) of MON-QD/NG-500, MON-
QD/NG-600 and MON-QD/NG-700 are 1.08, 1.09 and 1.12, respectively, indicating the
higher graphitization degree of MON-QD/NG with the increase in temperature. Mean-
while, there are many topological edge defects in the three composites, and these defects
may come from the small size of graphite fragments and residual functional groups. A
large number of studies have pointed out that atom replacement defects in and outside
the graphene surface formed by nitrogen and boron atoms can improve the electrical
conductivity of graphene, which is more beneficial to the lithium storage performance of
the materials. In addition, from the lower Raman shift spectra (Figure 2b), it is observed
that the scattering peaks at 275, 329 and 364 cm−1 in the three composites are related to the
phonon vibration modes of MoO2, suggesting the existence of MoO2 in the composites [28].

  
Figure 2. Raman spectra of MON-QD/NG at different calcination temperatures (a,b).

The chemical composition and electronic state of the prepared MON-QD/NG were
investigated by XPS. The full spectrum of MON-QD/NG-600 is shown in Figure 3a. The
sample mainly contains Mo, N, C and O elements. It can be seen from the full spectrum
that the sample contains more O elements, which is caused by the existence of MoO2 and
oxidation of the surface of the sample. Figure 3b is the peak fitting result of O element,
which can be fitted into three peaks: peak I at 529.9 eV is characteristic of the Mo-O bond,
while peaks II at 531.2 eV and III at 532.8 eV are characteristic of the C-O-C bond and C=O
bond, respectively, suggesting strong chemical interaction between MoO2 and graphene. In
the N1s spectrum (Figure 3c), peak II at 397.5 eV is the characteristic peak of the Mo-N bond,
indicating the formation of Mo2N. Peaks III, IV and V at 398.2 eV, 399.7 eV and 401.6 eV
correspond to pyridine nitrogen, pyrrole nitrogen and graphene nitrogen, respectively,
indicating that nitrogen-doped graphene has been successfully prepared. In Figure 3d,
there are four characteristic peaks in the C1s spectrum, which are respectively attributed
to carbon in different chemical states: peak I at 284.6 eV is the characteristic peak of the
C-C bond, peak II at 285.5 eV and peak IV at 289.3 eV are the characteristic peaks of the
C-O bond and O=C-O bond, respectively, and peak III at 287.3 eV is the characteristic
peak of the C-N bond. These characteristic peaks indicate that MoO2 and Mo2N have
strong chemical interactions with graphene, which is beneficial to charge transfer during
charge and discharge. Figure 3e–g are the test results of Mo elements of MON-QD/NG-500,
MON-QD/NG-600 and MON-QD/NG-700, respectively. The Mo3d spectra of the three
composites can be divided into six peaks: peak I located at about 229.8 eV and peak II
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located at 232.0 eV can be identified as the presence of Mo4+, which corresponds to MoO2
phase. Peaks II and IV at 231.7 eV and 232.7 eV are characteristic peaks of the Mo-N bond
in the samples, indicating the further formation of Mo2N in the composites; peaks V and VI
at 233.4 eV and 235.2 eV are characteristic peaks of Mo6+, corresponding to the formation
of MoO3 phase, which is caused by the oxidation of oxygen in the air. In addition, it is
found from the Mo3d spectra of three composite materials that the content of Mo2N in
the sample increases first and then decreases, while the content of MoO2 increases all the
time with the increase in calcination temperature. It can also be found that the content
of Mo2N in MON-QD/NG-700 composite is the lowest, while the content of MoO2 is the
highest among the three kinds of composites. This is because Mo element itself is easily
combined with O element. Furthermore, the activity of O atoms increases with the increase
in calcination temperature. However, the poor conductivity of MoO2 restricts the cyclic
and rate capability of the materials, which greatly affect the lithium storage properties of
MON-QD/NG-700.

  

  

  

Figure 3. Cont.
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Figure 3. XPS spectra of MON-QD/NG-600 sample: (a) survey; (b) O1s; (c) N1s; (d) C1s; (e) Mo3d
spectrum of MON-QD/NG-500; (f) Mo3d spectrum of MON-QD/NG-600; (g) Mo3d spectrum of
MON-QD/NG-700.

The morphology of MON-QD/NG-600 composite was observed by SEM and TEM, as
shown in Figure 4a–d. Only the typical folded lamellar morphology of graphene can be
observed in the SEM image (Figure 4a). However, from the TEM (Figure 4b) and HRTEM
(Figure 4c) images, it can be found that a large number of small quantum dots with size
of 1–3 nm evenly distribute on the graphene lamellae. Further observation from Figure 4c
revealed that Mo2N quantum dots are evenly distributed in MoO2. The diffraction rings in
the SAED image (Figure 4d) are correspond to the (111), (200) and (220) crystal planes of
Mo2N, indicating the existence of Mo2N quantum dots in the composite material. However,
the diffraction rings of MoO2 are not found in the SAED image, which indicates that MoO2
quantum dots exist in an amorphous state. The morphology of quantum dots can alleviate
the volume change in electrode materials in the charging and discharging process, and GO
also plays the role of template in the preparation process, resulting in a great change in the
morphology of composite materials.

 
Figure 4. Morphology of MON-QD/NG-600: (a) SEM; (b) TEM; (c) HRTEM; (d) SAED.

Figure 5a,b are the adsorption and desorption isothermal curves and pore size distri-
bution of the three MON-QD/NG samples, respectively. There are obvious hysteresis loops
in the three MON-QD/NG composites with a pressure ratio of about 0.8–1.0 (Figure 5a),
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indicating the existence of mesoporous structures in the composites. It can also be observed
from Figure 5b that a large number of mesopores with pore sizes of about 2–50 nm exist in
the three composites. The specific surface area of MON-QD/NG-600 is 116.9 m2 g−1 and
pore volume is 0.60 cm3 g−1, which is larger than those of MON-QD/NG-500 (105 m2 g−1,
0.53 cm3 g−1) and MON-QD/NG-700 (100 m2 g−1, 0.48 cm3 g−1). The large specific surface
area provides a fast channel for the migration of Li+ ions and the diffusion of electrolyte,
which is conductive to the rapid insertion and extraction of electrolyte ions, thereby greatly
improving electrochemical performance, particularly rate performance [8,29]. Meanwhile,
high pore volume can provide buffer for material volume change during the charging and
discharging process, thus improving energy density.

  

Figure 5. BET tests: (a) The adsorption and desorption isothermal curves of three MON-QD/NG
composite materials; (b) pore size distribution.

3.2. Electrochemical Characterization

The cyclic voltammetry curve of MON-QD/NG-600 at 0.1 mV s−1 in the 0.01–3.0 V
voltage range is shown in Figure 6. During the initial lithium process, the diffusion peak
from about 1.65 V to 1.0 V may be Li+ inserted into the amorphous MoO2, accompanied
by the formation of LixMoO2. However, during the first cathodic process, the peak of Li+

insertion into the MoO2 lattice (usually above 2.2 V) is not visible, which may be related
to the amorphous nature of MoO2 [18,30]. When the electrode discharge voltage is lower
than 1 V, the original LixMoO2 reacts with Li+ and gradually transforms into Mo and
Li2O [30]. In addition, a significant reduction peak was observed at about 0.7 V in the first
CV curve, which disappeared in the subsequent CV test, probably due to the formation of
the solid electrolyte interface layer (SEI) [31]. Subsequently, two oxidation peaks at 1.41 V
and 1.70 V are related to the transformation process of LixMoO2 and Mo to MoO2. The CV
curves of the second and third cycles almost coincide, indicating that the electrode material
has high reversibility.

Charge and discharge curves at 0.1 A g−1 of MON-QD/NG-500, MON-QD/NG-600
and MON-QD/NG-700 are shown in Figures 7a, 7b and 7c, respectively. It is observed
from the figures that the charge–discharge curves of the three composite materials all have
obvious charge–discharge platforms. This is consistent with the redox peak in the CV curve.
Additionally, the initial discharge-specific capacities of the three composites are 1445.6,
1753.3 and 1347.6 mAh g−1, respectively, while the initial charging capacities are 837, 957.7
and 777.3 mAh g−1, respectively. It is observed that MON-QD/NG-500 and MON-QD/NG-
700 composites decay rapidly in subsequent cycles, while MON-QD/NG-600 composites
exhibit excellent lithium storage performance. In order to explore the electrochemical
lithium storage performance of the three electrode materials, the charge and discharge rate
performance at current density from 0.1 to 5 A g−1 and the subsequent cycling property at
5 A g−1 of MON-QD/NG-500, MON-QD/NG-600 and MON-QD/NG-700 were tested, as
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shown in Figure 8a. In addition, charge–discharge curves at different current densities of
the three materials are provided in the SI (Figure S1a–c). Obviously, MON-QD/NG-600
displays the best rate capability which has reversible capacity of 958.9, 727.4, 610.5, 476.0,
350.5, 297.2 mAh g−1 at the current density of 0.1, 0.2, 0.5, 1, 2, 5 A g−1, respectively.
Furthermore, the reversible capacity of MON-QD/NG-600 is superior to the MoN/GNS
(see Table S1 in the SI) [11], Mo2N nanolayer coated MoO2 hollow nanostructure [19],
MON-NC [18], etc.

Figure 6. CV curves of MON-QD/NG-600 composite material.

   
Figure 7. Charge and discharge curves of composite materials at different calcination temperatures:
(a) MON-QD/NG-500; (b) MON-QD/NG-600; (c) MON-QD/NG-700.

Figure 8. Electrochemical performance of electrode materials at different calcination temperatures:
(a) rate performance and cycling stability at 5 A g−1; (b) Nyquist plots of electrode materials.

46



Batteries 2023, 9, 32

Subsequently, the three composites were cycled 300 times at a current density of
5 A g−1. Some selected charge–discharge curves (the first, 100, 200 and 300 cycles) dur-
ing cycling tests at 5 A g−1 of MON-QD/NG-600 are also provided in the SI (as shown
in Figure S2). The test results show that MON-QD/NG-600 still has a reversible capac-
ity of about 180.1 mAh g−1 after about 300 cycles. However, MON-QD/NG-500 and
MON-QD/NG-700 have a reversible capacity of 105.5 and 68.1 mAh g−1 after 300 cycles,
respectively. It is quite evident that the cycling performance of MON-QD/NG-600 is
obviously superior to that of MON-QD/NG-500 and MON-QD/NG-700.

The electrochemical kinetics of the three composites were analyzed by EIS spectra
(as shown in Figure 8b). Each of them possesses one depressed semicircle in the high-
frequency region and an inclined line in the low-frequency region, which relate to the charge
transfer resistance and Li+ diffusion process, respectively [32–34]. Therefore, an equivalent
circuit, as shown in the illustration in Figure 8b, was selected for fitting the impedance
spectra, where RL, RCT, CPECT and ZW represent the electrolyte resistance, charge transfer
resistance, double layer capacitance and Warburg impedance, respectively [35,36]. It is
clearly shown that the fitted data are basically consistent with the test data. The calculated
charge transfer resistances of MON-QD/NG-500, MON-QD/NG-600 and MON-QD/NG-
700 are 45 Ω, 28 Ω and 78 Ω, respectively. Furthermore, the MON-QD/NG-600 electrode
has a larger slope straight line, suggesting a faster Li+ diffusion process. Although the
graphitization degree of graphene increases and the conductivity is enhanced with the
increase in temperature, the content of MoO2 increases, which is not conducive to the
lithium storage performance of electrode materials under high current density.

In order to gain additional understanding of the lithium storage mechanism of MON-
QD/NG-600, CV curves at different scan rates from 0.1 to 1 mV s−1 were tested. As shown
in Figure 9a, the CV curves at different scan rates exhibit a pair of redox peaks between 1.0
and 1.7 V. Obviously, the height and area of redox peak increase as the scan rate increases,
which is due to electrode capacity obtained by dividing the peak area by scan rate which
should be constant [37,38]. In addition, it can be observed that the oxidation peak shifted
to higher potential slightly while the corresponding reduction peak shifted to a lower
potential slightly, indicating that the MON-QD/NG-600 electrode showed increasingly
obvious irreversible reaction at relatively high scan rates. Hence, the Randles–Ševčík
equation (Equation (1)) was applied to calculate the diffusion constant D, which can well
describe the relationship between square root of the scan rate v1/2 and peak current ip:

ip = 2.69 × 105n3/2 AD1/2
Li v1/2ΔCo (1)

where ip is the peak current, A is the effective contact area between the electrode and
electrolyte (cm2), n is the number of electrons involved in the reaction, DLi is the diffusion
coefficient of Li+ (cm2 s−1), v is the scan rate (V s−1), ΔCo is the change in Li+ concentration
in the electrode before and after the reaction (mol cm−3). According to Equation (1), the
Li+ diffusion coefficients of the electrochemical reaction corresponding to the anodic and
cathodic peaks are 4.08 × 10−10 and 4.71 × 10−10 cm2 s−1, respectively. Obviously, the Li+

diffusion coefficients of anodic and cathodic reaction have the same order of magnitude,
indicating the excellent reversibility of the MON-QD/NG-600 electrode. Usually, the stored
charge of an electrode can be divided into three components: (1) the faradaic contribution
due to Li+ insertion process, (2) the faradaic contribution caused by charge transfer behavior,
(3) the double layer capacitance. Generally, (1) and (2) are grouped into the same monomial,
namely, the capacity-controlled process and the diffusion-controlled process. The current
(i) and the scan rate (v) obey the power law in the CV curves, which can be proved by
Equations (2) and (3) [39]:

i = avb (2)

log(i) = blog(v) + log(a) (3)

where a and b are variables. The b value can be determined by the slope of the plot log
(i) versus log (v) curves [40]. b = 0.5 indicates a diffusion-controlled behavior, whereas
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b = 1 reflects that the electrochemical reaction is controlled by a capacitance-dominated
process. As shown in Figure 9b, the slopes of the anodic and cathodic peak are 0.77 and
0.81, respectively, indicating fast kinetics contributed by both behaviors. Therefore, there is
a good relationship between v1/2 and ip. Hence, the CV curves with different scan rates can
be used to quantitatively calculate the capacitive contribution by using Equation (4) [41,42]:

i = k1v + k2v1/2
(

equivalent to
i

v1/2 = k1v1/2 + k2

)
(4)

where k is a constant. k1v and k2v1/2 are consistent with the contribution of the capacitance
effect and the diffusion-controlled behavior, respectively [43]. The contribution of the
capacitive process was also calculated. As shown in Figure 9c, the capacitive process
contributes about 67.5% of the total capacity at a scan rate of 0.6 mV s−1. The contribution
ratios of the two processes at various scan rates were also incidentally calculated. The
capacitive contribution progressively increases from 48.7% at 0.1 mV s−1 to a maximum
value of 77.8% at 1 mV s−1, as shown in Figure 9d. With the consideration of these, it
shows that most of the charge stored in MON-QD/NG-600 was a capacitive process. This
characteristic is highly beneficial for the fast transport of Li+, resulting in high reversible
rate performance and cycling performance.

  

  
Figure 9. Kinetics analysis of the electrochemical performance toward Li+ for the MON-QD/NG-600
electrode: (a) CV curves at scan rates from 0.1 to 1.0 mV s−1; (b) the corresponding relationship
between the scan rate and peak current; (c) CV curves and capacitive contribution to the total charge
storage of MON-QD/NG-600 electrode at 0.6 mVs−1; (d) contribution ratios of the capacitive and
diffusion-controlled capacities at different scan rates.
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4. Conclusions

MON-QD/NG was successfully synthesized through a green and facile hydrothermal
route, followed by an annealing process. The electrochemical lithium storage performance
test of electrode materials indicates that temperature has a great influence on the growth
of Mo2N and MoO2. The content of MoO2 in the composite increases with the increase
in temperature. However, the poor conductivity of MoO2 affects the electrochemical
performance of the materials. Therefore, MON-QD/NG-600 has the best lithium storage
performance. It has a reversible capacity of about 958.9 mAh g−1 at current density of
0.1 A g−1, and even has a reversible capacity of about 350.5 mAh g−1 and 297.2 mAh g−1

at 2 A g−1 and 5 A g−1, respectively. The characterization of MON-QD/NG-600 found that
the prepared Mo2N and MoO2 exist in the shape of quantum dots with size of about 1–3 nm.
The quantum dots inhibit the volume change in materials during charging and discharging,
reduce the diffusion path of lithium ions as well as prevent the agglomeration between
graphene sheets effectively. Moreover, the distribution of quantum dots on or between
graphene sheets also provides a large number of reaction sites for electrochemical reactions.
Due to the unique structure and synergy of Mo2N and MoO2, MON-QD/NG-600 exhibits
excellent lithium storage performance in terms of stable long cycle life and superior rate
capability. Therefore, the MON-QD/NG composite can be used as a promising electrode
material candidate for high-performance LIBs.

Supplementary Materials: The following supporting information can be downloaded at: https:
//www.mdpi.com/article/10.3390/batteries9010032/s1, Figure S1: Charge-discharge curves of
different current density; Figure S2: Some selected charge-discharge curves (the first, 100, 200 and
300 cycles) during cycling tests at 5 A g-1 of MON- QD/NG-600; Table S1: The comparison of
molybdenum nitride related anode material for lithium ion battery [44–46].
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Abstract: This work aims to review and understand the behavior of the electrochemical lithiation
onset of amorphous silicon (a-Si) films as electrochemically active material for new generation
lithium-ion batteries. The article includes (i) a review on the lithiation onset of silicon films and (ii) a
mechanochemical model with numerical results on the depth-resolved mechanical stress during the
lithiation onset of silicon films. Recent experimental studies have revealed that the electrochemical
lithiation onset of a-Si films involves the formation of a Li-poor phase (Li0.3Si alloy) and the propa-
gation of a reaction front in the films. The literature review performed reveals peculiarities in the
lithiation onset of a-Si films, such as (i) the build-up of the highest mechanical stress (up to 1.2 GPa)
during lithiation, (ii) a linear increase in the mechanical stress with lithiation which mimics the char-
acteristics of linear elastic deformation, (iii) only a minute volume increase during Li incorporation,
which is lower than expected from the number of Li ions entering the silicon electrode, (iv) the largest
heat generation appearing during cycling with only a minor degree of parasitic heat contribution,
and (v) an unexpected enhanced brittleness. The literature review points to the important role of
mechanical stresses in the formation of the Li-poor phase and the propagation of the reaction front.
Consequently, a mechanochemical model consisting of two stages for the lithiation onset of a-Si film
is developed. The numerical results calculated from the mechanochemical model are in good accord
with the corresponding experimental data for the variations in the volumetric change with state of
charge and for the moving speed of the reaction front for the lithiation of an a-Si film of 230 nm
thickness under a total C-rate of C/18. An increase in the total C-rate increases the moving speed of
the reaction front, and a Li-rich phase is likely formed prior to the end of the growth of the Li-poor
phase at a high total C-rate. The stress-induced phase formation of the Li-poor phase likely occurs
during the lithiation onset of silicon electrodes in lithium-ion battery.

Keywords: lithiation onset; silicon electrode; diffusion; stress; phase formation; reaction front

1. Introduction

The necessity of incorporating silicon in lithium-ion batteries (LIBs) to achieve high-
capacity charge storage has been discussed in many publications, e.g., in references [1–17],
but the lithiation process of silicon is scarcely discussed in the literature, as stated in a recent
letter (reference [1]). Briefly, silicon, which is well known to be technologically well estab-
lished, benign, and naturally abundant, possesses the highest gravimetric (3579 mAhg−1)
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and volumetric (8334 mAhcm−3) capacities, next to Li metal, for storing Li ions. Conse-
quently, there are great efforts to implement silicon as an anode material in next-generation
LIBs, although the endeavours remain unsatisfactory. The desire to store large amounts of
charge (Li ions) by using large amounts of silicon represents concomitantly its disadvantage
due to the rapid development of electrode damage (pulverization of active material) within
the first cycle. Thus, it is of interest to understand the lithiation process of silicon even in
the first cycle.

This work aims to review and understand the behavior of the lithiation onset of amor-
phous silicon (a-Si) films. Literature data are addressed, with a focus on some peculiarities
in the properties of silicon electrodes during the lithiation onset which have not been
reviewed until yet. Recent experimental studies have revealed that the lithiation onset
of silicon films involves the formation of a Li-poor phase (Li0.3Si alloy) and the propa-
gation of a reaction front in the films (Figure 1e–g), instead of the formation of a layer
between the solid electrode and the liquid electrolyte (solid electrolyte interphase, SEI,
layer) (Figure 1a,b) widely reported in the literature, as discussed in reference [1]. These
results challenge the conventional consensus that the lithiation onset of silicon films is due
to the formation of solid electrolyte interphase and to the reduction of native surface oxide
(Figure 1a,b). Figure 1 summarizes the two different points of view concerning the lithiation
onset of a-Si films with explanations given in the figure caption. To address this issue, we
propose a mechanochemical model consisting of two stages for the lithiation onset of a-Si
film. The numerical results are in good accord with the corresponding experimental data
for the variations in the radial stress and volumetric change with state of charge and for the
moving speed of the reaction front for the lithiation of an a-Si film. The analysis suggests
the presence of the stress-induced phase formation of a Li-poor phase for the lithiation
onset of a-Si and likely resolves the debate associated with the lithiation onset, which plays
an important role in the structural integrity of Si-based anodes and the applications of
Si-based LIB, as outlined in the following.

Figure 1. Schematic of two possible lithiation mechanisms (with and without a Li-poor silicide phase)
of an a-Si film in the first lithiation process, summarizing the introduction section of this work. Shown
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are cross sections of the Si film (blue) during the lithiation of the first cycle. The copper current
collector is marked with brown. (a–d) Schematic of the lithiation process of the a-Si film according
to the conventional consensus without the formation of the Li-poor phase. (a) Virgin silicon film
electrode, i.e., before lithiation. The native surface oxide is approximatively 2 nm thick. The copper
current collector is very thick (well above 1 μm). The thickness of the a-Si film can be 1 μm or less.
(b) Lithiation onset corresponding up to 10% state of charge (SOC) where firstly a solid electrolyte
interphase (SEI) layer (marked with marbled gray) grows on un-lithiated silicon. The thickness of
the SEI layer is considered to be some tens of nanometers (e.g., ~30 nm in reference [1]). (c) Further
lithiation produces only a Li-rich lithium silicide (LixSi with 2 < x < 3.75) underneath the SEI layer.
(d) At full lithiation, the Li-rich layer reaches the current collector. (e–h) Schematic of the lithiation
process in the presence of a Li-poor phase (yellow) as discussed in the present work. (e) The lithiation
onset may produce an SEI layer (e.g., the reduction of the native surface oxide layer (panel (a)), but
of lower extent than in panel (b). (e–g) A Li-poor region (Li0.3Si) builds up during the lithiation
onset which corresponds to the Li+ uptake marked with roman number I in Figure 2. The lithiation
process I continues until all silicon is converted into a Li-poor phase (panel (g)) at approximatively
10% SOC. The main part of the Li+-uptake I in Figure 2 is not consumed for the SEI formation but
for the lithiation of amorphous silicon [1]. (h) The rest of the Li-poor phase remains sandwiched
between the current collector and a Li-rich phase. The SEI layer becomes thicker at the end of the
lithiation process.

 

Figure 2. Variation in Si electrode potential with lithiation time during the first lithiation process
of an a-Si thin film of 230 nm thickness at a constant current density of 11 μA/cm2. Unpublished
experimental data collected by the authors of the present work.

The authors of this work chose to work on this topic because they consider that
it contributes to an understanding of the lithiation process of silicon, which plays an
important role in determining the performance and reliability of Si-based LIBs during
operation. The appearance of the Li-poor phase (Figure 1) may be proper and important
for the LIB operation. It is more likely to accept that the formation of the Li-poor phase
avoids structural disruption. Pure silicon is in proximity to the Li-poor LixSi phase (x ~ 0.3)
(Figure 1e,f) and not directly to a Li-rich LixSi phase (x > 2) (Figure 1c), and may be
preferable for the LIB operation.

Moreover, the appearance of the Li-poor phase has an influence not only on the bonding
between different phases inside the silicon at different lithiated stages (Figure 1c,e,f) but also
on the bonding of the active material (silicon) to the current collector (Figure 1), which is
mainly copper for negative electrodes. The latter, i.e., the bonding of the active material
to the current collector, is of importance for the electrode’s integrity during LIB opera-
tion. On this issue, let us mention that experiments have shown that the Li-poor (x ~ 0.3)
zone remains close to the copper current collector if the electrode is, electrochemically
as possible, fully lithiated (Figure 1h), and also after several electrochemical cycles [1].
From that point of view, let us examine the literature on the bonding of the active material
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to the current collector. Before lithiation, the bonding of silicon to the current collector
(copper) (Figure 1a) is experimentally and theoretically well known to be reasonably strong.
The lithiation process inevitably increases the Li content in silicon in the vicinity of the
current collector (Figure 1d,g,h). The ab initio molecular dynamics calculations at finite
temperatures within the framework of density functional theory as implemented in the
VASP code [18] predict that the bonding strength of the LixSi active material to the current
collector decreases with the Li content in silicon. The reason for the weakened bonding
at the a-Si/Cu interface represents a change in interfacial bonding upon lithiation [18].
According to the calculated interfacial work of separation versus Li content in the sili-
con electrode [18], the bonding strength of the Li poor silicide phase (x ~ 0.3) to copper
(Figure 1g,h) is only about 2% lower than that for pure silicon bonded to copper (situa-
tion depicted in Figure 1a,e,f), but decreases for higher Li contents (situation depicted
in Figure 1d), e.g., being seven times lower (i.e., 15%) for LixSi with x = 1. More drastic
is the situation for the critical shear strength during sliding at the Si/Cu interface [18].
On the one hand, the interfacial work of separation (LixSi/Cu) is reduced by only ∼15%
upon full lithiation (x ~ 3.75) (situation depicted in Figure 1d) compared to a Li poor phase
(x ~ 0.3) (situation depicted in Figure 1g,h); on the other hand, the critical shear strength
is reduced by an order of magnitude for the situation presented in Figure 1d compared
to that in Figure 1g,h. Similarly, the net charge on copper [18] increases by one order of
magnitude upon full lithiation (situation depicted in Figure 1d) compared to a Li-poor
phase (situation depicted in Figure 1g,h). The calculated derivative of the interface energy
along the sliding direction [18] shows a peaked profile (i.e., a great fluctuation) vs sliding
distance for the Li-poor phase (for the situation depicted in Figure 1g,h), whereas the
Li-rich phase possesses a smooth profile (for the situation depicted in Figure 1d). This
allows for the “frictionless” sliding of the Li-rich phase at the LixSi/copper interface but
not for the Li-poor-phase at the LixSi/copper interface, which likely suggests a separation
of the Li-rich phase (Figure 1d) from the copper current collector similar to the behavior of
tin-based LIBs [19], but not the Li-poor phase (Figure 1g,h). The inhibition of “frictionless”
sliding is crucial to prevent LIB failure by the loss of electrical contact between the active
material and the current collector. As mentioned, experiments have shown that a Li-poor
(x ~ 0.3) layer remains close to the copper current collector also at full lithiation (Figure 1h).
Consequently, it is more favorable to form the Li-poor phase first, and to maintain the
Li-poor phase at the interface to the current collector (Figure 1g,h) during LIB cycling. In
that context, this work is focused on the analysis of this initial lithiation process, i.e., on the
apparition of the Li-poor phase, which is, as mentioned, scarcely discussed in the literature,
and has, consequently, remained below public awareness.

The article is organized as follows. Section 2 presents a literature survey on the
lithiation onset of a-silicon. Section 2.1 describes the lithiation onset of a-silicon. Section 2.2
presents literature data on some peculiarities in the properties of silicon electrodes during
the lithiation onset which have not been reviewed until yet. Section 2.3 elaborates some
explanatory reasons for the phase front mechanism in the lithiation onset. Section 3 presents
numerical investigations (modeling). Section 3.1 introduces a mechanochemical model
aiming to numerically investigate the lithiation onset of a-silicon. Section 3.2 presents the
numerical results on the depth-resolved mechanical stress during the lithiation onset of
a-silicon. The last section summarizes the findings of this work.

2. Literature Survey

2.1. Description of the Lithiation Onset of Amorphous Silicon

The lithiation onset of a-Si thin films (i.e., up to 10% SOC, and a gravimetric capacity
of ~350 mA/g) is characterized by a predominant Li+ uptake, which takes place at a nearly
constant potential of about 0.5 V in respect to lithium reference electrode [1], i.e., the flat
plateau marked with roman number I in the potential profile of Figure 2. For information
on the experimental procedure, see Appendix A.1. The flat plateau I corresponds to a
predominant Li+ uptake peak marked also with roman number I in the voltammograms
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(cyclic voltammetry, CV), and differential charge (dQ/dV plot) and capacity (dC/dV plot)
curves presented in a recent letter [1]. The dC/dV curves are obtained by simply dividing
the ordinate (dQ) of the dQ/dV plot by the electrode active mass, which is taken to be
constant during cycling. Hence, the shape of dQ/dV curves is identical to that of dC/dV
curves, and both are similar to voltammograms (for more details see references [1] and [2]).
Most works in the literature usually attribute the lithiation onset to the formation of the SEI
layer and to the reduction of native surface oxide [1].

The plateau I in Figure 2 was also observed for different liquid electrolytes (see
reference [3]). It also appears when artificial solid-state SEI layers, i.e., a 60 nm thick
oxide (Li3PO4) layer, are sputter-deposited on the top of a-Si thin layers [3]. The potential
profiles presented by Wu et al. in reference [3] reveal, in addition to the flat plateau around
0.5 V, an additional flat plateau around 1 V. The latter is attributed to the formation of the
SEI through the decomposition of carbonate-like solvents and lithium salts. The plateau
around 1 V is rendered absent by capping the a-Si film electrode with an artificial SEI
layer [3], but the plateau around 0.5 V remains present with a minor potential shift to
approximatively 0.4 V. The origin of the plateau around 0.5 V (Figure 2) is not discussed in
the work of Wu et al. [3]. In the communication of high-performance all-solid-state cells
fabricated with silicon electrodes by Phan et al. [4], voltammograms are presented for the
lithiation of sputter-deposited a-Si films of 400 nm in thickness, which were cycled with
liquid electrolytes and, separately, with solid-state electrolytes. In both cases, i.e., for liquid
and solid-state electrolytes, the lithiation onset is characterized by two predominant Li+

uptakes, a smaller one around 0.5 V and a sharper one around 0.3 V, the latter denoted
with the roman number I in reference [4]. The latter is attributed to the reduction in silicon
oxide existing at the interface between silicon and the solid-state electrolyte. The Li+ uptake
positioned at 0.5 V is attributed to an irreversible reaction process independent of the nature
of the substrate and electrolyte [4], pointing to an origin different from the formation of
SEI layer.

Concerning the SEI formation, many reports find that it does not occur exclusively at
the lithiation onset of silicon, but over the whole potential range, predominantly at lower
potentials [5–17], where the carbonate-based electrolytes are unstable [20]. Investigations
on the lithiation process of a-Si oxide films [21] and particles [22,23] have also found a
predominant Li+ uptake peak at the lithiation onset similar to that for the lithiation of a-Si
films (corresponding to the plateau I in Figure 2). For SixO electrodes, the lithiation onset is
ascribed to the Li bonding on defects inside the SixO electrodes [21–23], such as reactive
oxygen available for Li bonding. Recent experimental results indicate that the Li+ uptake in
region I may also appear due to an intrinsic property of silicon lithiation [1], and it cannot
be attributed to the SEI formation but to an in-depth lithiation of silicon [1,24]. Details
on the lithiation onset of a-Si thin films are given in reference [1]. Briefly, the migration
of Li in the silicon film experiences a two-phase lithiation process where a lithiated zone
with a “constant” Li-concentration of x ~ 0.3 (Li-poor phase) is sharply delimited from
non-lithiated silicon (see Figure 1e–g, and references [1,24]). The reaction front is planar
and parallel to the film surface and propagates through the entire silicon film during the
lithiation, as schematically shown in Figure 1 of this work.

The analysis of operando neutron reflectometry reveals that clean and well-ordered
crystalline (100) oriented silicon wafers are initially also lithiated with the presence of a
Li-poor region via a reaction front delimiting the Li-poor region from pure silicon [25].
This result indicates the appearance of the Li-poor silicide (Li0.3Si) as an intrinsic property
during the lithiation onset of pure and “defect-free” silicon. However, Hüger et al. [1]
demonstrate that the modification of Li+-uptake I, i.e., the appearance of the Li-poor phase,
can be tailored by a change in the SEI layer and/or a change in the mechanical stress during
the silicon lithiation. Cycling experiments with multiple pure silicon layers of each layer
capped by a thin carbon layer are presented in the supplementary material of reference [1].
Two different Si/C multilayer (ML) electrodes were cycled with constant current. The
liquid electrolyte was in direct contact with a silicon layer and a carbon layer for the first
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ML ([Si(14 nm)/C(16 nm)] × 10 ML) and the second ML [C(16 nm)/Si(14 nm)] × 10 ML,
respectively. For both MLs, Li+ uptake I is not present [1], indicating that the appearance
of Li+ uptake I can be tailored. The experiments reveal that the absence of Li+ uptake I
is not dependent on the individual surface layer of the ML material (carbon or silicon)
which is in direct contact with the electrolyte, but potentially on another factor. A possible
difference of the mechanical stress inside the ML-film electrode in respect to that in single
silicon-film electrodes may be responsible for the lack of the Li+ uptake I in the MLs [1].
Consequently, the aim of this work represents, besides the literature survey, the calculation
of the lithiation-induced depth-resolved mechanical stress on the phase boundary between
a growing Li0.3Si phase which consumes a clean and “defect-free” silicon film. Before doing
so in Section 3, elaborations on the changes in the physical properties of silicon during the
lithiation onset and on the reasons for the appearance of the phase front delimiting Li0.3Si
from a-silicon are presented.

2.2. Changes in Physical Properties of Silicon during the Lithiation Onset

Reviewing the experiments performed during the lithiation onset of silicon, one finds
that the predominant Li+ uptake I (which builds up the Li0.3Si phase) is connected with
the appearance of peculiarities which are absent at other states of charge. They are (i) the
build-up of the highest mechanical stress (up to 1.2 GPa) during silicon lithiation, (ii) a
linear increase in the mechanical stress with lithiation which mimics the characteristics
of linear elastic deformation, (iii) only a minute volume increase during Li incorporation
which is lower than expected from the number of Li ions entering the silicon electrode,
(iv) the largest heat generation appearing during cycling with only a minor degree of
parasitic heat contribution, and (v) an unexpected enhanced brittleness.

Figure 3 presents the potential profile measured during the first lithiation process of
an a-Si film of 230 nm thick (Figure 3a) in direct comparison with sketches of corresponding
mechanical stress (Figure 3b) and volume change of silicon (film thickness) (Figure 3c)
during the first lithiation process of a-Si thin films. Note that although Figure 3a represents
experimental data collected by the authors of the present work, Figure 3b represents only
an outline (sketch) of a typical mechanical stress curve during the lithiation of an a-Si film
published in the literature, e.g., in reference [26] and reference [27]. Additionally, Figure 3c
of this work represents only an outline of the volume change during lithiation as measured
operando with neutron reflectometry (reference [28]) and microscopy (reference [29]).

The in situ measured mechanical stresses during lithiation of a-Si films with thick-
nesses of 50 nm [26,30], 100 nm [30,31], 150 nm [30], 200 nm [31], 250 nm [27,30,32],
300 nm [33] and 325 nm [34] reported in the literature all exhibit similar behavior during
lithiation and de-lithiation. Note also that the electrochemical Li+ uptake and release is
similar for different film thicknesses, suggesting the negligible effect of film thickness on
the lithiation processes [1]. The substrate (current collector) confines the in-plane expansion
and contraction of the active film during lithiation and delithiation, respectively. Conse-
quently, lithiation-induced compressive stress appears and linearly increases up to ~1.2 GPa
at ~10% SOC (x ~ 0.3 in LixSi) during lithiation (Figure 3b). The rapidly linear increase
likely suggests a lack of plasticity during the initial lithiation process, corresponding to the
predominant Li+ uptake I in Figures 2 and 3a. Furthermore, the increase in the film volume
(i.e., film thickness) during Li+ uptake I is much less than that predicted from the inserted
amount of Li (Figure 3c). Beyond 10% SOC, the volume expansion of the silicon film caused
by the lithiation is in consistence with the trend predicted theoretically with the increase in
the inserted Li amount (Figure 3c), which involves plastic deformation (Figure 3b).

An unexpected result was also obtained in the measurement of heat flow during
lithiation process I. Housel et al. [35] performed isothermal microcalorimetry to detect the
heat flow generated during the lithiation and delithiation of a silicon electrode produced
from crystalline silicon powder. The highest entropic heat flow (~50 mW/g) appeared for up
to 10% SOC of the first cycle, which corresponds to lithiation process I in Figures 2 and 3a.
Beyond 10% SOC, the entropic heat flow decreased markedly [35]. The contribution of
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parasitic heat, which indicates SEI growth, was obtained from a comparison between
the total heat flow and the sum of polarization heat flow and entropic heat flow [35].
Unexpectedly, during the first lithiation, the lowest dissipated heat flow associated with
parasitic reactions appeared between 1% and 10% SOC, and, hence, in the region of lithiation
process I.

 
Figure 3. (a) Potential profile during the initial lithiation of an a-Si thin film of 230 nm in direct
comparison with outlines (sketches) of (b) a typical mechanical stress curve during the lithiation of
an a-Si film, and of (c) the typical volume increase curve during the lithiation of an a-Si film. All
the values are plotted versus state of charge (SOC). 100% SOC corresponds to Li3.75Si (x = 3.75).
V0 represents the silicon film volume before lithiation. The dashed line represents the end of the
predominant Li+ uptake marked with roman number I in Figures 2 and 3a.
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For a-Si films, nanoindentation measurements [34] reveal the dependence of the
fracture behavior on the Li concentration of lithiated silicon. During initial lithiation, the
fracture toughness decreases first from unlithiated a-silicon to a minimum value for a
lithiated SOC corresponding to Li0.31Si (~10% SOC). For a higher Li content, the fracture
toughness becomes higher than that of pure silicon [34], which is as expected. Lithiated
silicon has been found to exhibit tensile deformation in contrary to the brittle behaviour of
pure silicon [34]. The increase in fracture toughness indicates a brittle-to-ductile transition in
lithiated silicon with the increase in Li concentration, which is as expected. This behaviour
is in line with an increase in ductility with the insertion of Li due to the introduction of a
more metallic character of atomic bonding with increased Li concentration. The atomistic
mechanism for the brittle-to-ductile transition in amorphous LixSi is thought to be the
decrease in strong covalent Si bonds (Si–Si) and the concomitant increase in delocalized
(metallic) Li bonds (Li-Si) [34,36], giving rise to an alteration in the dominant atomic-level
processes of deformation and fracture with increasing Li concentration. Thus, the ductility
should increase with the increase in Li incorporation into silicon, but this is not the case
for Li concentrations of up to x ~ 0.31 [34]. The Li insertion firstly decreases the fracture
toughness up to x ~ 0.31, indicating lithiation-induced embrittlement [34]. There is an
unexpected embrittlement increase for Li insertion up to x ~ 0.31, which corresponds
to Li+ uptake process I. This means an increase in atomic bonds and in the cohesive
strength during lithiation process I. This is in line with the measurement of only a minute
volume change in contrast to that expected from the amount of Li inserted for SOC up
to 10% (Figure 3c). The smaller volume increase may result in a higher atomic density
in amorphous Li0.3Si in respect to pure a-silicon, which is indicative of stronger cohesive
strength in Li0.3Si than in pure silicon.

2.3. Reasons for the Appearance of the Phase Front Delimiting Li0.3Si from a-Silicon

The following elaboration gives some explanations as to (i) why the lithiation onset
of silicon involves a phase front which delimits the Li-poor phase from unreacted silicon,
and (ii) why the Li-poor phase possesses the particular Li concentration corresponding to
x ~ 0.3 in LixSi.

The appearance of the Li-poor silicide (Li0.3Si) as an intrinsic property during the
lithiation onset of pure and “defect-free” silicon is unexpected, since no stable LixSi silicide
phases appear for x < 1 at ambient pressure in the Li-Si phase diagram [37–42]. The first
principle calculation predicts that mechanical pressure above 8 GPa [41] is necessary for
the Li-poor silicide with x ~ 0.3 (LiSi3) to become stable. Such a high mechanical pressure
has not been measured during the lithiation of a-Si thin films [26,27,30–34]. The mechanical
pressure needed to produce the energy barriers around the x ~ 0.3 phase in order to change
its instability into metastability is probably lower for an amorphous network. Nanometric
zones of crystalline LiSi3 with dimensions below 2 nm and without a long-range order
may also appear, mimicking an amorphous network, and may need a lower mechanical
pressure for the occurrence of the LiSi3 phase compared to bulk crystalline LiSi3. It should
be noted that the first principle calculation was performed at 0 K and that the energy barrier
(mechanical pressure) for the presence of the stable Li-poor silicide is probably less than
8 GPa at a higher temperature (room temperature).

The analysis of the experimental data in reference [1] shows that the Li-poor phase,
which builds up during the Li+ uptake I, is not formed from an invariant reaction because
it does not always occur at the same potential [1]. This might hint at a metastable reaction
that is irreversible upon the first cycle [1]. A metastable state points to the existence of
energy barriers between the metastable state and the global minimum of energy. Even
if the metastable state appears and is stable at room temperature, temperatures higher
than room temperature often cause the transition of the metastable phase into a phase of a
lower energy minimum, or it is not even developed at that temperature. Consequently, it is
obvious that the amorphous and metastable Li-poor phase formed at room temperature
during the Li+ uptake I is not found in the Li-Si phase diagram [37–42].
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The presence of a reaction front associated with the Li-poor phase at the lithiation
onset of silicon (Figure 1e–g) is likely attributed to the coupling between lithiation-induced
stress (chemical stress) and lithium diffusion. The lithium diffusion is controlled simply
by the gradient of Li concentration if no stress gradient is present. Under the action of
stress, the driving force for the lithium diffusion is the gradient of chemical potential, which
consists of the contributions of the gradient of Li concentration and the stress gradient [43].
The compositional change in a silicon electrode (the formation of an intermetallic com-
pound) corresponding to Li+ uptake I under a stress is calculated to be more than the Li
concentration in the silicon electrode at an SOC of 10% (x ~ 0.3 in LixSi), i.e., it amounts
to Δx ~ −0.5 as obtained from the curve for stress-induced composition changes in silicon
films presented in reference [26]. This suggests that the stress gradient produced in Li+

uptake I hinders Li migration into silicon. That is to say, the chemical stress introduced by
the lithium diffusion has the tendency to reject a significant amount of lithium (Δx ~ −0.5)
from the silicon electrode as it would be maximal at Li+ uptake I (x ~ 0.3). This process
should continue for lithiation up to x ~ 0.5. Therefore, there are two opposite processes
involving the lithiation onset of a silicon electrode—one is the electrochemical lithiation
under the gradient of Li concentration, which drives lithium through the Li-poor phase and
into the un-lithiated silicon to produce a LixSi phase, and the other is a stress-limited pro-
cess with the chemical stress trying to hold the silicon electrode free of lithium during the
lithiation. The interaction between these two processes may lead to a two-phase lithiation
mechanism with the formation of a sharp interface (reaction front) delimiting non-lithiated
silicon from lithiated silicon with x < 0.5 as depicted in Figure 1e–g.

From experimental results obtained in Li isotope exchange experiments and secondary
ion mass spectrometry (SIMS) depth profiling [44–46], one can estimate the Li flux (Li
permeability) at room temperature through sputter-deposited a-Si thin films (e.g., Table 2
in reference [45]). The Li flux (Li permeability) in a-Si thin layers of ~100 nm is estimated
to be ~10−38 m2s−1, which is 17 orders of magnitude lower than ~10−21 m2s−1 in the
amorphous Li0.3Si phase, using the kinetical data given in references [44–46] to determine
Li permeability. This means that the high Li flux through the Li-poor phase toward un-
lithiated silicon does not permeate inside the un-lithiated silicon, but actually stops at
the interface between the Li-poor phase and the un-lithiated silicon. At that interface,
silicon is converted into the Li-poor phase, as schematically shown in Figure 1e–g. Further
discussion on Li diffusivity and Li solubility at room temperature in un-lithiated a-silicon
and in the Li0.3Si phase is given in the next section. However, the question still remains
open as to why the Li poor phase possesses the particular Li content of x ~ 0.3.

First principle calculations found that the formation energy of LixSi phases becomes
negative only for x ≥ 0.3 [47,48]. This means that the formation of a LixSi phase is ener-
getically favorable only for x ≥ 0.3. Thus, firstly, the total energy calculation predicts that
pure silicon does not allow Li with a concentration of x < 0.3 to be incorporated into silicon
above its extremely low Li solubility limit [45]. Consequently, the lithiation of silicon starts
by the formation of Li0.3Si. Secondly, as mentioned above, stresses due to lithiation have
the tendency to repel Li atoms from silicon for x < 0.5. Finally, the Li permeation (Li flux)
in the Li0.3Si phase is, as stated above, 17 orders of magnitude higher than that in pure
silicon. Thus, there are three factors—(i) extremely low Li permeability in pure silicon
and relative high Li permeability in Li0.3Si phase, (ii) Li repulsion from pure silicon due to
mechanical stress, and (iii) energy gain by the formation of LixSi only for x ≥ 0.3—which
likely contribute to why initially a two-phase lithiation mechanism appears which sharply
delimits pure silicon from a LixSi phase of x ~ 0.3 (Figure 1e–g). In order to investigate the
peculiar lithiation onset of a-Si films, we present and apply in this work a mechanochemical
model to analyze the stress evolution during the lithiation onset of an a-Si film for a planar
phase-front mechanism (Figure 4) by modelling the interaction between diffusion and stress
in the lithiation onset of Si-based electrodes.
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(a) (b) 

Figure 4. Schematic of Li diffusion in an a-Si thin film electrode at (a) stage 0, and (b) stage I with the
formation of Li-poor phase Li0.3Si (α phase) and a phase boundary (reaction front), ξ. In a cylindrical
coordinate (R, Θ, Z), lithium diffuses into the thin film from the surface of Z = Z0 and the thin film is
fixed on the substrate at Z = 0. The pristine un-lithiated silicon is denoted as β phase.

3. Numerical Investigation

A mechanochemical model is introduced in this work and used to analyze the stress
evolution during the lithiation onset of an a-Si film. Numerical simulation was performed
by taking into consideration the experimental results of (i) the phase-front lithiation mecha-
nism of a Li-poor phase consuming unreacted silicon, and (ii) a Li-poor phase with a Li
concentration corresponding to x ~ 0.3 in LixSi. The appearance of the planar phase-front
lithiation mechanism, and the Li concentration of the Li-poor phase, are not a result of the
simulation, but instead represent the ingredients of the simulation.

There are studies on the stress analysis of the lithiation of silicon, e.g., references [34,49,50],
but none of them have focused on the subject presented in this work, i.e., the phase front
mechanism appearing in the lithiation plateau I in Figure 2. Currently, most modeling
analyses have been based on the concept of diffusion-induced stress (with and without the
contribution of stress-limited diffusion) and the concentration dependence of mechanical
properties in the framework of elasticity [51–53], elastoplasticity [54,55] or viscoplastic-
ity [56–58]. To address the lithiation of electrode materials with the possible presence of
the reaction front, phase-field models have also been developed to study stress evolution
in electrode materials during electrochemical cycling [59,60]. It should be noted that there
are few works addressing the formation of new compounds in the analysis [61–63], even
though Yang [64] had formulated the formulas with the contributions of chemical reactions
to the mass transport and the stress evolution.

3.1. Mechanochemical Model

The analysis in this work focuses on the stress evolution and the motion of the reaction
front for the growth of the Li-poor phase in an a-Si film, which is based on the theory of
linear elasticity and the coupling between diffusion and stress [43]. A moving boundary
condition is used to describe the propagation of the reaction front. The temporal evolution
of the stresses is illustrated, and a comparison between the numerical results and those
reported in the literature is performed.

According to the lithiation experiment (i.e., Figure 2), we consider a silicon disk of
200 nm in thickness and 2000 nm in radius instead of ~1 cm used in experiments by Hüger
et al. [1,65] Note that the results obtained with the radius of 2000 nm are the same as
those with the radius of ~1 cm for the region far away from the disk edge (see Figure A1
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in Appendix A.2 for more detail). A cylindrical coordinate system, (R, Θ, Z), shown in
Figure 4, is used, and the constitutive equations of the disk are [66]

σ =
νE

(1 + ν)(1 − 2ν)
[Tr(ε)− ΩC]I +

E
1 + ν

(ε − 1
3

ΩCI) (1)

where σ, ε and I are the stress, strain and unit tensors, respectively, Ω is the partial molar
volume, C is the Li-concentration, and E and ν are Young’s modulus and Poisson’s ratio
of silicon, respectively. The normal strain components and stress components are εi and
σi (i = R, Θ, Z), respectively. Note that the contribution of surface elasticity [67] is not
considered in this model since the analysis is focused on the planar surface and interface.

With axisymmetric characteristics, the strain components are calculated from nonzero
radial and axial displacements, (u, w), as
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The equilibrium equations without body force are

∂σR
∂R + ∂τZR

∂Z + σR−σΘ
R = 0

∂σZ
∂Z + ∂τRZ

∂R + τZR
R = 0

}
. (3)

The boundary conditions are

σR|R=R0
= 0, σZ|Z=Z0

= 0, τRZ|Z=Z0
= 0, u|Z=0 = 0 and u|R=0 = 0. (4)

For the diffusion of lithium into the Si thin film involving the formation of a Li0.3Si
phase, we divide the diffusion process into two stages, as shown in Figure 5: stage 0 is the
diffusion of lithium in a single-phase system before the lithium concentration reaches the
critical value for the formation of a new phase, and stage I is the diffusion of lithium in a
bi-phase system with the new phase.

 

 Stage 0, for     Stage I, for  

Figure 5. Schematic of the Li concentration distribution at two different stages during the lithiation
of the Si thin film.

At the onset of the lithiation, there is only β phase (Si). Increasing the lithiation time
leads to the diffusion of lithium into the Si thin film and to the increase in Li concentration.
When the Li concentration at the surface of the Si thin film reaches the equilibrium concen-
tration, cα

eq, for the formation of α phase (Li0.3Si), the α phase is formed and stage I starts.
In stage I, there are two phases of α and β, which are separated by an interface, ξ (Figure 5b).
The Li concentrations in each phase at the interface are cα

eq and cβ
eq, respectively. The

interface moves towards the surface of the rigid substrate (current collector, at Z = 0) and
causes the change in lithium concentration from cβ

eq to cα
eq.
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For the diffusion of Li, the diffusional flux, J, is calculated as

J = −MCmaxc gradμ and μ = μ0 + RT ln c − σhΩ, (5)

with M (=D/RgT) as the mobility, c (=C/Cmax) as the normalized concentration, Cmax
as the maximum stoichiometric concentration of Li, μ as the chemical potential of Li, D
as the diffusion coefficient, Rg as the gas constant, T as the absolute temperature, and
σh (=[σR + σΘ + σZ]/3) as hydrostatic stress. The diffusion equation is⎧⎨

⎩
∂cα

∂t − ∂
∂Z

(
Dα

(
∂cα

∂Z − Ωcα

RgT
∂σh
∂Z

))
= 0, Z ∈ (ξ, Z0]

∂cβ

∂t − ∂
∂Z

(
Dβ

(
∂cβ

∂Z − Ωcβ

RgT
∂σh
∂Z

))
= 0, Z ∈ [0, ξ)

, (6)

where the superscripts of α and β represent the corresponding parameters in the α and β
phases, respectively. Note that we consider the dependence of Li concentration only on
variable Z for the disk thickness much less than the disk radius.

At stage 0, lithium diffuses into the thin film from the surface of Z = Z0, as shown in
Figure 2a. The initially un-lithiated film gives

cβ(R, Z)
∣∣∣
t=0

= 0. (7)

The galvanostatic operation of the film [66] follows

−Dβ

(
∂cβ

∂Z
− Ωcβ

RgT
∂σh
∂Z

)∣∣∣∣
Z=Z0

= J0, (8)

and the impermeable condition of the substrate yields

(
∂cβ

∂Z
− Ωcβ

RgT
∂σh
∂Z

)∣∣∣∣
Z=0

= 0. (9)

At stage I, the phase formation occurs after the maximum normalized concentration
reaches the critical value. A phase interface of ξ is formed, delimiting the Si thin film
into Li0.3Si alloy (α phase) and Si-solution (β phase), as shown in Figures 4b and 5b. A
continuous influx of Li causes the motion of ξ from Z = Z0 to Z = 0. The Li concentrations
on the either side of the interface are

cα|Z=ξ+ = cα
eq, cβ

∣∣
Z=ξ− = cβ

eq. (10)

The moving speed of the interface is determined by the following equation

(cα
eq − cβ

eq)
dξ

dt
= Dα

(
∂cα

∂Z
− Ωcα

RgT
∂σh
∂Z

)
− Dβ

(
∂cβ

∂Z
− Ωcβ

RgT
∂σh
∂Z

)
. (11)

The boundary condition at the surface of the thin film is

−Dα

(
∂cα

∂Z
− Ωcα

RgT
∂σh
∂Z

)∣∣∣∣
Z=Z0

= J0. (12)

The boundary condition at the bottom of the thin film is the same as Equation (9).
The numerical method was used to solve the coupled equations given above via the

partial differential equation (PDE) module of COMSOL Multiphysics. There are 1000 nodes
along the Z direction and 5000 nodes along the R direction for the finite element model.
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Consider the presence of the Li0.3Si phase as the phase formation introduced by Li
diffusion. The normalized equilibrium concentration for the Li0.3Si phase is determined as
the ratio of the Li fraction in the compound to the maximum Li fraction in Si as

ĉα
eq =

ĉLi0.3Si

ĉLi3.75Si
=

0.3
3.75

= 0.08. (13)

The equilibrium concentration of lithium for the un-lithiated phase should be equal to
the Li solubility limit of the a-Si film. Li solubility in silicon is very low (see reference [45]).
Consequently, it was possible to measure Li solubility only at temperatures where the
solubility attains higher values than at room temperature. The Li solubility of ~100 nm
a-Si thin film sputter-deposited within the same laboratory, and using the same ion beam
coater as in the present work, was experimentally determined from SIMS depth profiling
for samples annealed at temperatures in between 513 K and 773 K [45]. At the lowest
temperature, i.e., at 513 K, Li solubility amounts to about one Li atom per 105 silicon atoms,
(directly notified as 10−5). The experimentally determined temperature dependence of Li
solubility follows an Arrhenius law [45]. The extrapolation of the Li solubility to room
temperature gives a Li solubility of ~10−9 (Li atoms per Si atoms, [46]). Hence, experimental
results reveal that the equilibrium concentration for the un-lithiated phase should be equal
to ~10−9, and in that manner the equilibrium concentration for the un-lithiated phase can
be assumed to be zero.

The Li diffusivity of a-silicon is actually unknown. The newest experiments to electro-
chemically measure Li diffusivity at room temperature by GITT (Galvanostatic Intermittent
Titration Technique) [68] reveal the Li chemical diffusivity as well as the Li tracer diffusivity
at the onset of the lithiation process to be almost independent of Li concentration in LixSi
for x < 0.35. This is consistent with the fact that a phase (i.e., the Li-poor phase) with a
constant Li concentration of x ~ 0.3 grows into the a-Si film electrode (references [1,24,68]).
The Li tracer diffusivity was measured by GITT to be around 10−20 m2·s−1 [68]. Tracer
diffusivities at temperatures in between 573 K and 773 K were measured by SIMS in a
Li0.25Si alloy produced by co-sputtering of lithium-metal and silicon-wafer sputter-targets
(reference [46]). The Li diffusivity obtained by extrapolation to room temperature is of
about 10–20 m2s−1 for the composition of Li0.25Si, in accord with the Li tracer diffusivities
obtained by GITT [68]. Consequently, the Li diffusion coefficient in the α phase (i.e., Li0.3Si)
was taken in the present model to be 1.5 × 10−20 m2·s−1. Non-electrochemical-based ex-
periments performed at elevated temperatures up to 773 K (reference [45]) indicate that the
Li tracer diffusion coefficient in ~100 nm a-Si thin films extrapolated to room temperature
attains an inexplicable 10 orders of magnitude lower diffusivity, ~10−30 m2·s−1 if the Li
diffusivity was estimated from Li permeability values, or ~ 10−29 m2·s−1 if the Li diffusivity
was determined by the lag-time method (reference [45]). This is in accordance with the
value of about 10–29 m2·s−1 extrapolated to room temperature from tracer diffusivities
(determined from SIMS experiments) at higher temperatures measured by Strauß et al. [46]
for the alloy of Li0.02Si which represents almost pure silicon. The estimated Li diffusivity
of only ~10−30 m2·s−1 at room temperature in un-lithiated silicon is inexplicably low, and
in the opinion of the authors it may be unrealistically low. It may be possible that the
correlation between diffusivity and temperature changes at low temperatures down to
room temperature, due to a possible change in Li diffusion and solubility mechanism at
low temperatures. Consequently, we consider in the present model a higher Li diffusion
coefficient in the β phase, i.e., that of the α phase (1.5 × 10−20 m2·s−1). The effects of the
difference of Li diffusivities between the α phase (Li0.3Si) and β phase (a-Si) on the spatial
evolution of the interface position are analyzed in Figure A2 of Appendix A.2.

Consider that the silicon thin film is lithiated under a total C-rate of C/14. The
corresponding Li influx at the surface is

J0 =
Volume·C − rate
Surface area·3600

=
Z0/14
3600

= 3.97 × 10−12 mol·m−2·s−1. (14)
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The film thickness, Z0, is 200 × 10−9 m. Finally, Table 1 lists the parameters used in
the numerical calculation.

Table 1. Material properties and parameters used in the numerical calculation.

Symbol Parameter Numerical Value

Dα Diffusion coefficient in α phase 1.5 × 10−20 m2·s−1

Dβ Diffusion coefficient in β phase 1.5 × 10−20 m2·s−1

Z0 Initial thickness of the silicon thin film 200 × 10−9 m

ĉα
eq Normalized equilibrium value of α phase 0.08

ĉβ
eq Normalized equilibrium value of β phase 0

E Elastic modulus 92 GPa [69]

ν Poisson’s ratio 0.28 [70]

Ω Partial molar volume 8.18 × 10−6 m3·mol−1 [71]

Cmax Maximum concentration 3.67 × 10−5 mol·m−3 [33]

R Gas constant 8.314 J·mol−1·K−1

T Absolut temperature 300 K

3.2. Numerical Results and Discussion

Figure 6 shows temporal evolution of the normalized concentration and radial stress at
the center of the free surface. The Li concentration at the surface of the Si thin film increases
with the increase in diffusion time (Figure 6a), revealing more lithium in the Si film with
increasing the diffusion time. It takes only ~35 s for the Li concentration at the surface of
the Si film to reach the equilibrium concentration of ĉα

eq = 0.08. This result suggests that
stage 0 ends at ~35 s with the onset of stage I. However, the radial stress near the surface
is compressive, and the magnitude of the radial stress increases sharply during this short
time from 0 to about 7.4 GPa (corresponding to a hydrostatic stress of −4.7 GPa and a
shear stress of 3.7 GPa) (Figure 6b), slightly less than the theoretically predicted 8 GPa for
the stabilization of Li-poor silicide with x ~ 0.3 [41]. The latter, i.e., the 8 GPa threshold
to initiate the formation of the Li-poor phase, may be, as previously mentioned, lower in
amorphous silicon and at a finite (room) temperature. This result indirectly confirms the
stress-induced phase formation of Li0.3Si at the end of stage 0. Note that the large radial
stress is only present around the top surface of the Si film, and most of the Si film remains
in a nearly stress-free state, as revealed by the spatial distributions of the radial stress and
the Li concentration in Figure 6c,d, respectively.

Figure 7 depicts spatial variations in normalized concentration and radial stress along
the axisymmetric axis under different total C-rates at the end of stage 0. A large amount
of Li accumulates near the top surface of the thin film (Figure 7a). The larger the C-rate,
the sharper the drop in Li-concentration and the narrower the diffusion zone, as expected.
According to Figure 7b, the larger the C-rate, the narrower the compressive-stress zone
at the surface. Note that the un-lithiated Si experiences tensile stress, whose magnitude
increases with the decrease in the C-rate at the end of stage 0. Moreover, the magnitude of
the radial stress at the surface of the a-Si film (Z/Z0 = 1) is about 7.4 GPa at the end of stage
0, independent of the total C-rate used for the lithiation.
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Figure 6. Temporal evolutions of (a) the normalized concentration and (b) the radial stress at the
center of the top surface of the Si thin film at stage 0; spatial distribution of (c) the radial stress and
(d) the normalized concentration along the film thickness at the end of stage 0.

Figure 7. Spatial variations of (a) normalized Li concentration, and (b) radial stress along the thickness
direction at the axisymmetric axis under different total C-rates at the end of stage 0.

67



Batteries 2023, 9, 105

It should be pointed out that such a high stress can cause the separation of the Si
film from the substrate, wrinkling, surface cracks or phase formation to relieve the stress.
Note that the local stress near the free surface can hardly be measured with the commonly
used techniques, such as MOS (multibeam optical sensor), since the MOS system records
the curvature of the film, while the local stress in such a narrow region rarely affects the
curvature. An ocular inspection of silicon film electrodes lithiated at different states up
to the end of stage I, and disassembled from the electrochemical cell inside a glovebox
filled with protective argon gas overpressure, revealed a smooth surface without wrinkling
and cracks. The smoothness of the lithiated Si-film electrode surface remains intact after
being washed with propylene carbonate, isopropanol and even acetonitrile. This ocular
observation was affirmed by light microscopy performed in the high-vacuum of a secondary
ion mass spectroscopy (SIMS) device. Interestingly, the electrode surface remains smooth
after the electrode has been stored over a long time (months) inside vacuum or protective
argon gas. This experimental observation suggests that phase formation up to the end
of lithiation process I does not cause structural damage and is likely responsible for the
stress relief.

Figure 8 displays spatial variations in the normalized concentration and radial stress
along the thickness at the axisymmetric axis for different positions of the interface at stage I
for a total C-rate of 1/14 C, in which the strain energy generated in stage 0 is used for the
formation of the Li0.3Si phase. It is evident that there are two distinct regions in the Si thin
film—one with a Li-poor phase and the other with un-lithiated Si. The Li concentration
in the Li-poor phase increases as the interface approaches the substrate (Figure 8a), as
expected from the diffusion theory. More lithium atoms are needed to form the Li0.3Si
phase, which requires Li diffusion through the formed Li0.3Si layer. It should be noted
that the spatial distribution of Li concentration in the Li-poor layer is different from the
constant normalized Li concentration of 0.08 experimentally observed by Hüger et al. [1,65],
suggesting that there are other factors likely controlling the migration of Li in the Li-poor
layer. On the other hand, the constant normalized Li-concentration of 0.08 over the whole
film depth was reported from SIMS depth profiling measurements [1,24,65]. However,
the sputtering process affiliated with the SIMS measurements may mask a possible low
gradient in Li concentration with a decrease in Li concentration from the electrode surface
toward the Li0.3Si/Si phase front. Note that such a decrease in Li concentration may be
expected to be necessary for Li diffusion from the electrode surface toward the Li0.3Si/Si
phase front.

 
Figure 8. Spatial variations of (a) normalized concentration, and (b) radial stress along the thickness
direction at the axisymmetric axis for different positions of the interface at stage I. (Total C-rate:
1/14 C).
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According to Figure 8b, the Li0.3Si layer experiences compressive stress and the un-
lithiated Si layer experiences tensile stress. The magnitude of the compressive stress is
much larger than that of the tensile stress.

As pointed out above, the strain energy generated in stage 0 is likely relaxed through
the formation of the Li0.3Si phase, i.e., there are likely no residual stresses at the onset
of stage I. Thus, we can assume that the Si thin film is at a stress-free state at the onset
of stage I and the strain energy associated with the radial stress of −7.4 GPa during the
lithiation is used for the formation of the Li0.3Si phase. The following analysis is based
on the stress-free state of the Si thin film at the onset of stage I and the relaxation of
the stresses corresponding to the radial stress of −7.4 GPa due to the formation of the
Li0.3Si phase.

Figure 9a presents the variation in radial stress at the center of the top surface of
the Si thin film with SOC for a total C-rate of 1/14 C. For comparison, the experimental
results given by Pharr et al. [33] are included in the figure. Note that the stress measured
experimentally by MOS is an average stress along the thickness direction. With the ultrathin
Si film, we directly compare the numerical results of the stress at the top surface with the
experimental results. The magnitude of the radial stress increases from 0 to ~1.2 GPa
when the SOC is increased from 0 to ~8%. Such a trend is qualitatively in accord with the
experimental results.

 

 

Figure 9. Variations of (a) radial stress at the center of the top surface, and (b) the volumetric change
of the Si thin film with SOC at stage I. (Total C-rate: C/14).

Figure 9b shows the volumetric change of the Si thin film with SOC. The volumetric
change in the Si thin film is a linearly increasing function of SOC. The experimental results
given by Uxa et al. [24] are also included in the figure. It is evident that the numerical
results are consistent with the experimental results. Note that the linear dependence of the
volumetric change of the Si thin film on SOC is consistent with the constitutive relations of
Equation (1).

Figure 10a shows the temporal evolution of the interface position separating the Li-
poor phase (Li0.3Si) from the un-lithiated Si phase under different C-rates. The interface
approaches the substrate with the increase in lithiation time and is a nearly linear function
of the lithiation time. From Figure 10a, we calculate the moving speed of the phase-interface
between the Li-poor phase and the un-lithiated silicon. Figure 10b depicts the variation in
the moving speed of the phase-interface with the total C-rate. It is evident that the moving
speed of the phase-interface (reaction front) is a nonlinearly increasing function of the total
C-rate. To prevent the occurrence of the stage II lithiation before the end of stage I, one can
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use a small C-rate to pre-lithiate Si electrodes to form a lithium-poor phase. A description
of the stage II lithiation (Li-rich phase) is given in references [1,24].

Figure 10. (a) Temporal variation in the phase-interface position under different total C-rates, and
(b) variation of the moving speed of the reaction front with total C-rate, and a Si film thickness of
230 nm.

The measured potential profile presented in Figure 2 shows that full lithiation with a
constant current of 11 μA/cm2 takes about 18 h. Hence, the total C-rate amounts to C/18
(0.055 C). Figure 2 shows also that the duration of Li+ uptake I amounts to approximatively
2 h. This means that the Li0.3Si/Si phase front reaches the current collector, i.e., the Li0.3Si
phase consumes all unreacted silicon, in about two hours. Consequently, a phase-front
velocity of 0.032 nm/s is obtained by dividing the film thickness of 230 nm with the time
interval of two hours. The obtained experimental result of (0.055 C, 0.032 nm/s) is plotted
as a red dot in Figure 10b. The numerical result is in good accord with the experimental
result, supporting the mechanochemical model used in this work.

The comparison between the numerical results shown in Figures 9 and 10b and the
corresponding experimental results and the agreement of the numerical result of the moving
speed of the reaction front with the experimental result reveal that the mechanochemical
model used in this work can effectively describe the diffusion of Li in the a-Si film with the
formation of only one new phase of Li0.3Si during the lithiation onset.

The experimental and numerical results presented and discussed in this work suggest
the stress-induced phase formation of a Li-poor phase for the lithiation onset of a-Si. With
this finding, one may assess some explanations for two important issues: (i) the main
difference between the lithiation onset of a-Si and nanocrystalline silicon, and (ii) their roles
in the lithiation onset of a-Si given that a-Si has a huge internal stress and high defect density
in comparison to c-Si. According to the insights obtained from the experimental results, we
can address these two issues as follows. At first view, there seems to be no major difference
between the lithiation onset of c-Si (crystalline silicon) and a-Si concerning the formation of
the Li-poor phase. The higher internal stress and defect density of a-Si compared to those
of c-Si may lead to a higher Li content in the Li-poor zone in the case of a-Si compared
to that of c-Si. The appearance of the Li-poor phase and its Li content in polycrystalline
silicon may be influenced by the preferential texture (preferential orientation) and by a
change in mechanical stress in polycrystalline silicon, e.g., due to the presence of additives
and binders. Note that silicon is cubic structure, which exhibits isotropic behavior in
diffusion and anisotropic behavior in elastic deformation. The anisotropic behavior in
elastic deformation can lead to a stress state different from that of isotropic deformation for
a-silicon under the same cycling conditions.
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As mentioned in the literature survey presented in Section 2, operando NR investi-
gations [25] also found the appearance of the Li-poor phase in the lithiation process of
bulk c-silicon, i.e., in that of 10 mm thick (100) oriented silicon wafer. The Li content of
the Li-poor phase was estimated by fitting NR simulations on NR experimental data, and
was found to be Li0.1Si (x ~ 0.1), which is lower than x = 0.3. Operando NR experiments
performed later by another group [72] also found two distinct lithium silicide zones with
high and low Li concentrations, initially separated by a sharp interface which broadens
with cycling. The Li-poor zone was always in between the Li-rich zone and unlithiated
silicon, i.e., the Li-poor zone was in direct contact with unlithiated silicon [72] (similar to
the situations presented in Figure 1e–g). From the neutron scattering length densities (SLD)
obtained from their NR data [72], the ratio of Li to Si in the Li-poor zone is evaluated to
be between x ~ 0.05 and x ~ 0.35. Note that, although NR is sensitive to Li incorporation
into silicon, NR is generally unable to exactly distinguish between low Li contents such as
x = 0.1 and x = 0.3. In contrast to NR, and especially in contrast to a large range of often
applied measurement techniques including electron spectroscopy and microscopy, SIMS
is able to detect low traces of Li in silicon. Lithium has a high ionization cross-section for
Li+-ions. Hence, the Li+ SIMS signal is of an extremely high intensity, as proved in our
laboratory, especially for SIMS operated with O2

+ primary ion beams. Li SIMS signals
of more than 1 million counts per second can be measured for the Li-poor phase. Hence,
future SIMS investigations on the lithiation process of bulk c-silicon (e.g., Si wafers) are of
great interest. Moreover, the experiments on silicon wafers [25,72] were performed only
on (100) oriented wafers. Mechanical stresses may be dependent on crystal orientations.
Consequently, SIMS experiments and calculations on the lithiation of silicon wafers with
different orientations may be of interest to examine the appearance of the stress-induced
phase formation of the Li-poor phase in single Si crystals.

Polycrystalline films often possess a textured structure. A possible preferential orien-
tation of polycrystalline silicon film, e.g., produced by heating treatments, may impede
the lithiation process, as has been observed for the case of LiNixMnyCozO2 (x + y + z = 1,
NMC) active materials of positive electrodes (e.g., ref. [73]), due to reduced Li kinetics and
changed mechanical stress. Polycrystalline (e.g., silicon) electrodes are mostly produced by
crystalline powder embedded in carbon-like additives and binders, which also exercises
mechanical stress and different phenomena (e.g., Schottky contacts) on the Si particles
before and during lithiation and delithiation. In that manner, the material in contact with
silicon may influence the diffusion of lithium and the appearance of the Li-poor phase. For
the case of silicon wafers, there are reports about experiments performed with a thin surface
layer of aluminium oxide to suppress the SEI layer formation [72]. The Li-poor phase also
appeared in that case, further showing that the Li-poor phase is an intrinsic product during
the lithiation of silicon, and that, in that example, it is not dependent on the SEI layer.
On the other hand, this may not always be the case. As mentioned in the second section,
Li+ uptake I, which produces the Li-poor phase, is not detectable during the lithiation of
amorphous Si/C ML, as presented in the supplementary material of reference [1]. The
mechanical stress inside Si/C ML may interact with the chemical stress introduced by
the lithiation process, interfering in the buildup of the Li-poor phase. Alternatively, the
Li-poor phase may be built up in the Si/C ML but may possess a lower Li content of e.g.,
x ~ 0.1, which needs a much lower Li+-uptake than that of x ~ 0.3, and in that case does
not recognizably remain in the potential profile of the lithiation process. Its examination
constitutes a prime subject for SIMS investigation due to the mentioned high sensitivity of
SIMS to very low Li contents in silicon. Additionally, different individual layer thicknesses
inside the Si/C ML may produce different mechanical stresses and different Schottky
barrier (space charge) strengths before and during ML lithiation, which may promote or
interfere in the formation of the Li-poor phase and also affects its Li content. Hence, future
SIMS investigations on the lithiation process of multilayers (e.g., Si/C MLs) are also of
interest. The examination of the Si/C MLs may also be of interest for polycrystalline silicon
electrodes produced by c-Si powder embedded in carbon-like additives and binders.
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Finally, it is of interest to examine whether the stress-induced phase formation of the
Li-poor phase represents a universal phenomenon, i.e., if a stress-induced phase formation
of the Li-poor phase appears also in other well desired LIB electrode materials such as in
(amorphous and crystalline) germanium.

4. Conclusions

In summary, the lithiation onset of a-Si films was reviewed, and a mechanochemical
model for the lithiation onset of a-Si film was developed. The electrochemical lithiation
onset of silicon films involving the formation of a Li-poor phase (Li0.3Si alloy) and the
propagation of a reaction front in the films delimiting the Li0.3Si alloy from un-lithiated
silicon, as revealed experimentally, constitute the foundation for a deeper examination
of the lithiation onset of a-silicon. For that, (i) a literature review was performed to
describe (i.1) the lithiation onset, (i.2) the changes in material properties at the lithiation
onset and (i.3) the reason for the appearance of the reaction front, after which (ii) numerical
calculations of depth-resolved mechanical stress during the lithiation onset were performed.

The literature survey elaborated the following five peculiar changes in the behavior
of the active electrode material during the lithiation onset of a-silicon: (i) the build-up
of the highest mechanical stress (up to 1.2 GPa) during lithiation, (ii) a linear increase
in the mechanical stress with lithiation which mimics the characteristics of linear elastic
deformation, (iii) only a minute volume increase during Li incorporation which is lower
than that expected from the amount of Li ions entering the silicon electrode, (iv) the
largest heat generation appearing during cycling with only a minor degree of parasitic heat
contribution, and (v) an unexpected enhanced brittleness.

A further literature review was performed to examine (i) why the lithiation onset of
silicon occurs via a phase front which delimits the Li-poor phase from unreacted silicon,
and (ii) why the Li-poor phase possesses the particular Li concentration corresponding
to x ~ 0.3 in LixSi. The following three factors—(i) extremely low Li permeability in pure
silicon and relative high Li permeability in Li0.3Si, (ii) Li repulsion from pure silicon due to
mechanical stress, and (iii) energy gain by LixSi formation only for x ≥ 0.3—were found to
qualitatively explain why initially a two-phase lithiation mechanism appears which sharply
delimits pure silicon from a Li-poor LixSi phase with x ~ 0.3.

The literature review shows that the appearance of the Li-poor silicide (Li0.3Si) as an
intrinsic property during the lithiation onset of pure and “defect-free” silicon is unexpected,
since no stable LixSi silicide phases appear for x < 1 at ambient pressure in the Li-Si phase
diagram. The first principle calculation predicts that mechanical pressure above 8 GPa is
necessary for the Li-poor silicide with x ~ 0.3 (LiSi3) to become stable at 0 K. This points to
the fact that the peculiar lithiation onset of a-silicon may be quantitatively explained by
the depth-resolved mechanical stress appeared during the lithiation onset. Consequently,
a mechanochemical model was elaborated and the lithiation onset was simulated on the
stress evolution and the motion of the reaction front for the growth of the Li-poor phase in
an a-Si film, based on the theory of linear elasticity and the coupling between diffusion and
stress. A moving boundary condition was used to describe the propagation of the reaction
front. The temporal evolution of the stresses was illustrated, and the comparison between
the numerical results and those reported in the literature was performed.

The mechanochemical model consists of two stages, with stage 0 involving the dif-
fusion of lithium in the Si film without the formation of the Li-poor phase and stage I
involving the formation of the Li-poor phase with the propagation of the reaction front at
the end of stage 0. The magnitude of the compressive radial stress at the end of stage 0 can
reach around 8 GPa, likely corresponding to the formation of the Li0.3Si phase under high
stress. No experimental observations of cracking and wrinkling for stress relief points to a
stress relaxation by the phase formation up to the end of lithiation stage I. Increasing the
total C-rate reduces the layer thickness of the high compressive-radial stress around the
surface of the Si film at the end of stage 0.
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For the lithiation of the Si film at stage I, the numerical results for the variations of the
radial stress and volumetric change with SOC and for the moving speed of the reaction
front for the lithiation under 0.055 C (C/18) are in good accord with the corresponding
experimental data. These results support the mechanochemical model developed in this
work, revealing the important role of the interaction of diffusion and stress in the lithiation
onset of Si-based electrodes used in lithium-ion batteries and in the stress-induced phase
formation of the Li0.3Si phase.
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Appendix A

Appendix A.1 Experimental Procedure

For the lithiation and delithiation processes, a working electrode possessing a-Si film,
a Li–metal reference electrode and a Li-metal counter electrode was used, together with
a liquid carbon-based electrolyte (propylene carbonate) with a 1 M LiClO4 salt. A 1-inch
copper disk with a thickness of 1 mm was used as a current collector and a substrate for the
ion-beam deposition of a-Si electrochemical active material of 230 nm thickness. The ion
beam coater IBC 681 (Gatan Inc., Pleasanton, CA, USA) was used for the film deposition,
as described in reference [45]. Grazing incidence X-ray diffraction, performed with a
Bruker D8 DISCOVER diffractometer, found the deposited silicon films to be amorphous.
The electrochemical lithiation and delithiation were performed at room temperature on a
Biologic SP150 potentiostat with the EC-lab software.

Appendix A.2 Additional Figures and Information on the Mechanochemical Simulation

Figure A2a shows temporal variations of the interface position in the thin film electrode
for Dβ (Li diffusivity in a-Si) in a range of 1.5 × 10−20 to 1.5 × 10−30 m2/s and Dα (Li
diffusivity in Li0.3Si) being 1.5 × 10−20 m2/s. It is evident that there is no observable
difference for the spatial position of the interface at the same lithiation time. The Li
diffusivity in the a-Si has a negligible effect on the migration rate of the interface. Figure A2b
shows temporal variations of the interface position in the thin film electrode for Dα in a
range of 1.5 × 10−20 to 1.5 × 10−25 m2/s and Dβ being 1.5 × 10−20 m2/s. For the lithiation
time less than 10 s, there is no observable difference for the spatial position of the interface
at the same lithiation time. For the lithiation time larger than 10 s, the larger the diffusivity
of the α phase, the closer the interface to the current collector at the same lithiation. This
result suggests that the larger the diffusivity of the α phase, the larger is the migration
rate of the interface. The Li diffusivity in the Li-poor phase has a dominant effect on the
migration rate of the interface.
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 R0 = 500 nm
 R0 = 2000 nm
 R0 = 20000 nm

 R0 = 500 nm
 R0 = 2000 nm
 R0 = 20000 nm

Figure A1. Variations in the radial stress along (a) the film thickness at axisymmetric axis and (b) the
radial direction on the top surface at end of stage 0. Results of the disk with different initial radii
of 500, 2000 and 200,000 nm are depicted. The numerical results show that there are no observable
differences between the corresponding stresses in the region far away from the disk edge. Here,
Z = 0 corresponds to the interface between the a-Si and the current collector and Z = Z0 corresponds
to the interface between the a-silicon electrode and electrolyte.

Figure A2. Temporal variation in the interface position between pure silicon (β phase) and the Li-poor
phase (α phase) in the thin film electrode for different values of (a) Dβ (Li diffusivity in a-Si-β phase)
and Dα (Li diffusivity in Li0.3Si-α phase) =1.5 × 10−20 m2/s, and (b) Dα and Dβ = 1.5 × 10−20 m2/s.
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Abstract: Currently, rechargeable lithium batteries are representative of high-energy-density battery
systems. Nevertheless, the development of rechargeable lithium batteries is confined by numerous
problems, such as anode volume expansion, dendrite growth of lithium metal, separator interface
compatibility, and instability of cathode interface, leading to capacity fade and performance degra-
dation of batteries. Since the 21st century, metal–organic frameworks (MOFs) have attracted much
attention in energy-related applications owing to their ideal specific surface areas, adjustable pore
structures, and targeted design functions. The insulating characteristics of traditional MOFs restrict
their application in the field of electrochemistry energy storage. Recently, some teams have broken
this bottleneck through the design and synthesis of electron- and proton-conductive MOFs (c-MOFs),
indicating excellent charge transport properties, while the chemical and structural advantages of
MOFs are still maintained. In this review, we profile the utilization of c-MOFs in several rechargeable
lithium batteries such as lithium-ion batteries, Li–S batteries, and Li–air batteries. The preparation
methods, conductive mechanisms, experimental and theoretical research of c-MOFs are systematically
elucidated and summarized. Finally, in the field of electrochemical energy storage and conversion,
challenges and opportunities can coexist.

Keywords: conductive metal–organic frameworks; lithium-ion batteries; Li–S batteries; Li–air batteries

1. Introduction

High-energy density and long working lifetime are the permanent pursuits for recharge-
able batteries [1–6]. Currently, rechargeable lithium batteries, particularly lithium-ion bat-
teries (LIBs), have been commercialized on a large scale, ranging from small electronic
devices such as power banks and cameras to large mobile devices such as electric vehicles
and aircraft [7–10]. Although LIB technology is considered one of the most promising
energy storage systems owing to its high energy density and good lifespan [11], LIBs re-
quire optimization in several aspects, such as the heat resistance of LIB diaphragms at
high temperatures, the life cycle of LIBs at low temperatures, and the recovery of lithium
from discarded LIBs to protect the environment [12–14]. Batteries such as Li–S and Li–air
have gained popularity. Li–S batteries are environmentally friendly and safe, but they have
several inherent problems such as the shuttle effect and volume expansion during opera-
tions [15,16]. Li–air batteries exhibit ultra-high energy density; however, the battery lifespan
is still unsatisfactory [17,18]. To develop good rechargeable lithium batteries, research on
advanced materials is essential.

Metal–organic frameworks (MOFs) are coordination polymers that combine inorganic
metal ions or metal clusters as junction points and organic ligands as connection bridges.
MOFs are characterized by large specific surface areas, permanent pores, tunable pore
diameters, and functions that can be modified according to needs [19,20]. As a result, MOFs
have received considerable attention for their applications in gas storage, sensors, medicine,
agronomy, and catalysis [21–27]. In recent years, MOF-based materials have been widely
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used for electrochemical energy storage systems. For example, Wang et al. optimized the
lithium plating/stripping behavior through the carbonization of ZIF–67 [28]. Carbonized
ZIF–67 as the anode for a lithium metal battery exhibited high coulombic efficiency (CE)
and stable cycling performance at ultra-high current density according to experiments and
theoretical calculations. Chen et al. prepared a novel MOF gel electrolyte that suppressed
the formation of Li dendrites and also exhibited excellent performance at high tempera-
tures [29]. However, most current MOFs exhibit poor electrical conductivity, which hinders
their development in energy-storage systems [30–32]. Conductive metal–organic frame-
works (c-MOFs) materials are a new type of material and have attracted much attention
in recent years. c-MOFs are synthesized based on MOFs through the targeted design of
their conductivity. Their excellent conductive ability makes them widely applicable in
the field of energy storage, such as lithium batteries, fuel cells, supercapacitors, etc. The
application of c-MOFs to improve the performance of rechargeable batteries opens a new
path for energy storage research. Figure 1 unveils several common metal ions (Fe, Co, Ni,
Cu, Zn, Pd, Ag, Pt, etc.) and organic ligands (BHT, THQ, TABTO, HHTP, etc.), which can
form one-dimensional, two-dimensional, or three-dimensional MOFs. Meanwhile, some
c-MOFs with metal elements belonging to different periods are visualized in Figure 1. The
application of c-MOFs in sensors, supercapacitors, and water decomposition indicates that
c-MOFs have pragmatic value [33–37]. The application of c-MOFs in rechargeable lithium
batteries ameliorated the current challenges of lithium batteries through the promotion of
charge transfer (Figure 2). From 2018 to date, there have been numerous examples of the ap-
plication of c-MOFs in rechargeable lithium batteries, including the Ni3(HITP)2 diaphragm
applied in Li–S batteries, Cu–BHT (butylated hydroxytoluene)/reduced graphene oxide
(rGO) applied as an anodein LIBs, Cu–1,4–benzoquinone (THQ) improving the properties
of Li–air batteries (Figure 3). A few excellent reviews on the development and applications
of c-MOFs have been recorded [38–41]; however, the application of c-MOFs in rechargeable
lithium batteries has not been specifically and systematically described. This review eluci-
dates the conductive mechanism, the synthesis method, and experimental and theoretical
research of c-MOFs in the new generation of rechargeable lithium batteries.

Figure 1. Schematic diagram of MOFs structure and some examples of c-MOFs.
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Figure 2. Application of c-MOFs in rechargeable lithium batteries.

Figure 3. Time axis of c-MOFs application in lithium batteries.
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2. Conduction Mechanism

MOFs with high electrical conductivity have great potential for practical applications in
energy storage and microelectronic devices [38]. In this section, the conduction mechanism
of c-MOFs is introduced from the aspect of electrical conductivity. Generally, electrons enter
the adjacent electronic orbits under an electromotive force to generate a conduction electron,
while with ionization potentials, ions move away from electronic orbits in molecular gaps
under ionization energy to generate conductive ions [42]. Electrical conductivity (σ) is a
vital parameter for evaluating material conductivity. The calculation is expressed as follows:

σ = e(μene + μhnh) (1)

where e is the electron, h represents the hole, μ indicates the carrier mobility, and n denotes
the concentration of the carrier. As the mobility or carrier concentration increases, the con-
ductivity of c-MOF increases, and the conductivity performance would be higher (Equation
(1)). To build a new type of MOF with high conductivity, a high carrier concentration and
good charge mobility are required. In MOFs, both organic ligands and metal ions provide
charge carriers. Organic ligands exhibit two main functions such as promoting charge
transfer and providing unpaired free radicals, whereas metals require holes or high-energy
electrons [42]. Numerous factors affect the conductivity of MOFs in practical applications,
such as temperature and crystallinity, which change the conductivity [43,44]. For highly
ordered crystalline MOFs, the conduction behavior is elucidated in the energy band theory.
The energy band is divided into a conduction band, valence band, and band gap. As the
temperature reaches absolute zero, the electrons occupy the positions in the valence band,
while the conduction band is empty. The energy levels of electrons in isolated atoms are
discrete, and the outermost electrons fill the Fermi level. For the metal conductor, the
conduction and valance bands overlap, and the band gap is equal to zero. The Fermi level
in the overlapped part results in a high electron concentration, and the metal exhibits good
conductivity. For semiconductors and insulators, the Fermi level lies in the band gap. The
band gap of semiconductors is 0~3 eV, and the band gap of insulators is greater than 4 eV.
At a certain temperature, electrons could absorb a certain amount of energy to transfer
from the valence band to the conduction band. Meanwhile, a hole forms in the valence
band and acts as a charge carrier. The carrier concentration is obtained from Equation (2):

n = n0 exp
(−Ea

KT

)
(2)

where n0 is a prefactor, Ea represents the activation energy, K represents Boltzmann’s con-
stant, and T represents the absolute temperature [41]. Activation energy is the potential
barrier energy required to overcome the thermal excitation of electrons. The activation
energy determines the charge carrier concentration (Equation (2)). The charge transport
mechanisms of c-MOFs include hopping transport and band transport [45]. Both mecha-
nisms rely on a high spatial or energetic overlap and a low barrier between the organic
ligand and the symmetric orbital of the metal ion. For hopping transport, carriers are
localized in discrete energy levels and transition between in situ and adjacent sites under
thermal activations. The transition probability can be obtained from Equation (3):

p = exp
(
−αR − E

KT

)
(3)

where E is the energy density between adjacent points, T denotes the absolute temperature,
K represents Boltzmann’s constant, R indicates distance, and α is a constant. According
to Equations (2) and (3), temperature has a great influence on carrier concentration and
transition probability. The higher the temperature, the higher the carrier concentration and
the transition probability. Therefore, conduction mechanisms would have great influences
on the application of c-MOFs at different temperatures. It can be suggested that under-
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standing the various conduction mechanisms would guide the application of c-MOFs in
lithium batteries at different temperatures. In contrast, the band transport of charge carriers
is delocalized. In the band transport mechanism, carrier mobility depends on the effective
mass and the frequency of carrier scattering events. The equation is expressed as follows:

μ =
eτ

m∗ (4)

where m* is the effective mass of the carrier, τ represents the scattering time in the two
collisions, and e denotes the carrier charge. The longer the scattering time or the smaller the
carrier effective mass, the greater the mobility and conductivity of the MOFs (Equation (4)).
Therefore, upon the design of the synthesis strategy of c-MOFs, the doping of impurities,
or the existence of holes should be avoided to reduce the loss of scattering time. To obtain a
small carrier effective mass, highly symmetric lattices, simple cells, and good dispersion of
the energy band are required.

The hopping transport mechanism and the band transport mechanism are realized
in the chemical construction of electronic c-MOFs through bonding, space, and guest
molecules. The transport mechanisms for proton c-MOFs are realized via the Grotthuss
mechanism [46,47]. Figure 4 depicts the three conductive mechanisms. The transport
mechanism through a bond is dependent on a covalent bond formation. The energetic
and steric overlap of organic ligands and metal ions facilitates charge transport [41,45].
In 2009, Takaishi reported Cu[Cu(pdt)2] as a typical example of the bond transport. The
conductivity of Cu[Cu(pdt)2] was 6 × 10−4 S·cm−1 at 300 K, which was used as a high-
power density porous electrode [48]. The charge transfer through space is mainly owing
to the close packing and overlapping orbitals between adjacent ligands in rigid MOFs
(such as π–π stacking between organic ligands), which is a non-covalent interaction. This
solves the problem of fewer bonds between adjacent electroactive units and promotes
charge transfer [49]. In 2018, Carol Hua et al. demonstrated an example of the transfer of
electric charge through space. In Zn(II) frames containing cofacial thiazolo[5, 4-d]thiazole
units, aromatic stacking interactions result in mixed valence states during electrochemical
or chemical reduction [50]. The conduction via guest molecules introduces several guest
molecules into the pore structure of MOFs to regulate the internal redox activity. Redox
pairing and effective orbital overlap between the frame and guest molecules play a vital
role in generating efficient charge transfer. A typical example was the immersion of MOFs
Cu3(BTC)2 in methylene chloride saturated with tetracyanoquinodmethane by Yoon et al.,
which increased the conductivity of MOFs from 10−8 to 0.07 S·cm−1 [51]. The German
chemist Theodor von Grotthuss contributed greatly to the development of the proton
conduction mechanism. Hydrogen bonding is essential in this mechanism and is the
key to elucidating proton transport. As a non-covalent interaction, the hydrogen bond
is a weak bond formed between the hydrogen atom on the X–H (X is an atom more
electronegative than hydrogen) of the molecular fragment and the same molecule or other
molecules [52–54]. At room temperature, hydrogen bonds can form or break in response to
thermal fluctuations, and that causes the transfer of protons in the Grotthuss mechanism.
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Figure 4. Three conductive mechanisms of c-MOFs.

3. Synthetic Methodologies

Most methods used in crystallography for growing single crystals can be used to
prepare c-MOFs materials. The use of different methods or experimental parameters for the
synthesis of c-MOFs materials can lead to variations in their properties such as crystallinity
and microcrystal size, which can affect their electrical conductivity [55]. Therefore, a search
for a suitable method to synthesize c-MOFs materials is vital [39].

3.1. Hydro-/Solvothermal Reactions

Owing to their simple operation and easy control, hydro-/solvothermal reactions are
the major scheme for the synthesis of c-MOFs (Figure 5a). The reactants are dissolved in
deionized water or other dissolvents, and the solution is heated or pressurized accord-
ing to the reaction conditions so that the synthesis reaction could proceed normally [39].
The hydro-/solvothermal reactions are characterized by maneuverability and strong ad-
justability. The conditions of equal pressure and liquid phase reaction are conducive to
the growth of perfect crystals with few defects. Through the adjustment of the parame-
ters of the reaction solution, the particle size and morphology of the generated crystals
also change [56–58]. In 2017, Li et al. synthesized Cu3(HHTP)2 (HHTP is 2,3,6,7,10,11–
hexahydroxy–triphenylene) as the conductive additive and binder-free electrode for a
solid-state supercapacitor [59]. However, the disadvantage of hydro-/solvothermal reac-
tions is also significant. Upon the determination of reaction parameters and conditions, the
crystal growth in the process of hydro-/solvothermal reactions could not be monitored.
The synthesized polycrystalline films are rough and uneven [60].
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Figure 5. Strategies for the synthesis of c-MOFs. (a) Hydro/solvothermal synthesis, (b) the interfacial
strategies for the synthesis of c-MOFs films, (c) the layer-by-layer self-assembly strategies for the
synthesis of c-MOFs films.

3.2. Interface-Assisted Synthesis

Figure 5b shows several interfacial synthesis strategies, including liquid–liquid, solid–
liquid, and gas–liquid interfaces. Numerous c-MOFs have been synthesized through
interfacial synthesis strategies. Compared with a hydro/solvothermal synthesis, interfacial-
assisted synthesis is an easier method for preparing two-dimensional (2D) c-MOFs films
with high crystallinity and controllable thickness.

In 2015, Pal et al. added BHT in degassed dichloromethane, and then dissolved
K3[Fe(CN)6] and K2PdCl4 in degassed deionized water (dichloromethane and water were
mutually insoluble). Subsequently, the two solutions were mixed to form a two-phase
system, and a prephenate dehydratase (PdDt) at the interface of the two-phases system
after the two solutions contacted at the liquid–liquid interface through self-assembly
synthesis [61]. In 2014, Sheberla et al. used the self-assembly synthesis method to mix
metal source and organic ligands in an aqueous solution at the gas–liquid interface and
then added ammonia to the mixture. Finally, a film was formed between the gas and liquid
phases, and Ni3(HITP)2 was synthesized [62]. In 2019, Song et al. synthesized Cu3(HHTP)2
on the La0.67Sr0.33MnO3 electrode at the solid–liquid interface via self-assembly synthesis,
which was highly crystalline [63].

3.3. Layer-by-Layer (LBL) Self-Assembly

LBL self-assembly as a multifunctional surface modification technology with low
operation cost was first proposed by Iler in 1966 and has been developed since the 1990s [64].
Figure 5c illustrates the operation process of LBL self-assembly. First, the substrate is
subjected to a functionalization process. Usually, a self-assembled monolayer (SAM) is
generated on the surface to intercept metal ions. Then, with the weak interactions between
molecules (such as coordination bond, hydrogen bond, and electrostatic attraction), layers
spontaneously bond to form films with complete structure, stable performance, and certain
specific functions [65,66]. Through the LBL self-assembly method, the gauge of the film can
be regulated independently according to the actual needs [67,68]. Stavila et al. proposed a
comprehensive mechanism of surface MOFs growth through the generation of Cu3(BTC)2
films on different substrates [66]. Shekhah et al. obtained Zn2(BTC)3 with high stability
via the LBL self-assembly method, and the polymer did not decompose, regardless of the
heating at 100 ◦C [69]. The LBL approach is relatively flexible in the steps of generating a
deposition layer, which can immerse the substrate in a solution or spray the solution on the
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substrate. However, repeated experimental steps also lead to a longer consumption time
for this approach [70].

4. Application of c-MOFs in LIBs

Currently, LIBs are used in most electronic devices in the market. During the discharge
of LIBs, the lithium loses electrons and forms lithium ions, which dissolve in the electrolyte
and transfer from the anode to lithium cobaltate. During the charging process of LIBs,
lithium ions migrate from the cathode to the anode to gain electrons. The principle is
shown in Figure 2, and the reaction equation is expressed as follows:

LiCoO2 + C � Li1−xCoO2 + LixC (5)

Although LIBs are the most potential batteries, they also have several shortcomings.
For example, uncontrollable lithium dendrite growth in the reaction process leads to short
life cycle and reduced safety performance [71–75]. Researchers have continuously improved
the performance of LIBs through various processes [76]. C-MOFs, as structurally tunable
porous materials, can facilitate charge transfer and increase LIBs’ reaction rates, owing to
their high electrical conductivity. Numerous active sites can be designed according to their
tunable structures. The large pore structure of c-MOFs can provide abundant storage sites
for lithium ions and inhibit lithium dendrite growth. Therefore, introducing c-MOFs to
LIBs is a promising strategy (Figure 6). This section reviews the recent achievements of
c-MOFs as anode and cathode materials for LIBs in sequential order.

Figure 6. Application of c-MOFs in LIBs.

4.1. LIBs Anode

Designing advanced anode materials has been recognized as an effective approach
for constructing suitable LIBs. To find electroactive materials with fast diffusion ability
of Li-ions and gratifying capacity, Guo prepared a one-dimensional highly conductive
porous Ni–catecholate (Ni–CAT) MOF via a hydrothermal method in 2019 and tested
them as anode materials for LIBs (Figure 7a,b) [77]. The layer spacing of Ni–CAT was
~0.37 nm. According to the XRD diagram of the discharge process, the peak of the Ni–CAT
electrode significantly changed. As the discharge process proceeded, the main peak slowly
weakened until it disappeared. During the de-insertion process of Li+, the structure of
Ni–CAT was gradually recovered. However, the insertion of Li+ disrupted the short-range
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order of Ni–CAT in the C–axis direction. Ni–CAT was characterized by three lithium
storage sites, such as benzene rings, pores, and space between layers (Figure 7c). The
reversible capacity of Ni–CAT at high current densities was greater than that of the other
MOFs anodes owing to its high lithium diffusion capacity and excellent electron conduction
performance, and the one-dimensional porous structure provided an effective channel for
lithium-ion diffusion. The reversible capacities of Ni–CAT electrodes were 626 mA·h·g−1

and 592 mA·h·g−1 after 200 cycles at current densities of 0.2 and 0.5 A·g−1. Excluding the
first cycle, the CE value of each cycle was ~100% (Figure 7d). Concurrently, the structure of
Ni–CAT remained stable after 300 cycles. Ni–CAT electrode exhibited good crystallinity,
with a long-range order on the a and b sides and short-range order on the C–axis. This
study shows the excellent performance of Ni–CAT MOF as an anode for LIBs. In 2019,
Guo et al. used a solvothermal bottom-up strategy to synthesize one-dimensional c-MOF
(Cu–CAT) nanowires [78]. This showed good diffusion coefficient of lithium ions, high
electronic conductivity, and excellent lithium storage performance. As Cu–CAT was used
as an anode for LIBs, the reversible capacities of Cu–CAT were 631 and 381 mA·h·g−1 after
500 cycles at current densities of 0.2 and 2 A·g−1, and the CE value of each cycle was 81%
at 0.5 A·g−1. The fading rate was low as 0.038% per cycle. The energy density reached up
to 275 W·h·kg−1 as the full cell was assembled. In 2022, Mao et al. synthesized Co–CAT
c-MOF via a liquid-phase method. Its conductivity and one-dimensional structure could
promote the rapid transport of ions, resulting in an excellent lithium storage capacity in
LIBs [79]. As the half-cell was assembled for an electrochemical test, its reversible capacity
was 800 mA·h·g−1 after 200 cycles at a current density of 200 mA·g−1. This showed that
the Co–CAT electrode exhibited good structural stability. Upon the assemble of the full
battery with LiCoO2, the capacity was 404 mA·h·g−1 after 100 cycles at current density
of 200 mA·g−1. Co–CAT electrodes exhibited excellent lithium storage capacity in LIBs
and good potassium storage capacity in potassium-ion batteries (PIBs). Similarly, as Co–
CAT was used as the anode for PIBs, its capacity was 230 mA·h·g−1 after 700 cycles at
1.0 A·g−1. Meanwhile, an eight-electron transfer occurred in PIBs with excellent potassium
storage performance. Owing to the conductivity of Co–CAT, the modified PIBs exhibited
excellent electrochemical performance. Therefore, c-MOFs are very promising materials for
applications in PIBs.

The anodes in LIBs usually undergo volume expansion during the lithiation pro-
cess. In 2020, Aqsa Nazir et al. prepared Si/Ni3(HITP)2 (HITP represents 2,3,6,7,10,11–
Hexaiminotriphenylene) composites as anodes for LIBs [80]. Ni3(HITP)2 promoted the
rapid movement of lithium ions in the electrode, improved the lithium storage capacity
and the electrode conductivity, and inhibited the volume expansion of Si owing to its open
pore structure, high conductivity, and uniformly dispersed Ni and N heteroatoms. At any
rate, the capacity of a silicon nanoparticle anode was lower than that of the Si/Ni3(HITP)2
anode, indicating that the Si/Ni3(HITP)2 anode exhibited excellent high-rate capability.
The Si/Ni3(HITP)2 anode featured a higher CE close to 100%, regardless of the high dis-
charge rate at 20 C, which indicates the excellent lithiation/de-lithiation reversibility of this
electrode. The reversible capacity of Si/Ni3(HITP)2-assembled batteries was 876 mA·h·g−1

after 1000 cycles at 1 C, and CE was ~100%, indicating that Si/Ni3(HITP)2 electrode exhib-
ited good cycling performance. Aqsa Nazir et al. also compared the c-MOFs electrode with
the previously reported electrode. Compared with other electrodes, the c-MOF electrode
exhibited a high reversible capacity of 2657 mA·h·g−1 after 100 cycles at 0.1 C. In 2021,
Meng et al. synthesized a composite of Cu–BHT 2D c-MOF and rGO to solve the densifica-
tion problem of Cu–BHT [81]. Compared with pristine Cu–BHT MOF composite, Cu–BHT
and rGO composite exhibited good electrical conductivity and more redox-active sites.
The composites were electrochemically tested as anodes for LIBs. The reversible specific
capacities of rGO and Cu–BHT as a composite electrode were 1190.4, 1230.8, 1131.4, and
898.7 mA·h·g−1 with a ratio of 1:1 at current densities of 100, 200, 500, and 1000 mA·g−1,
respectively. The reversible capacities of rGO and Cu–BHT were higher than those of
pristine Cu–BHT MOFs.
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Figure 7. (a) Structural model and (b) FESEM images of Ni–CAT, (c) three lithium storage sites of
Ni–CAT located in (I) benzene ring, (II) pores, and (III) space between layers, (d) cycling performance
of Ni–CAT at 0.2 and 0.5 A·g−1. Reproduced with permission from Ref. [77]. Copyright 2019 RSC.
(e) Comparison of c-MOFs with some conventional carbon-based materials as anodes.

In addition, in 2021, Yan synthesized the tricycloquinazoline (TQ) and two-dimensional
c-MOF Cu–HHTQ (HHTQ = 2,3,7,8,12,13–hexahydroxytricycloquinazoline) cooperating
with CuO4 [82]. The c-MOF possessed excellent lithium storage ability and high rate capa-
bility. The redox activity of TQ was verified by theoretical calculation and experiments for
the first time. Electrochemical tests were carried out with Cu–HHTQ as the active material
and Li as the electrode. In the first cycle, the discharge capacity was 1716 mA·h·g−1, and
the charging capacity was 989 mA·h·g−1. The charging capacity was already one of the
highest values in the existing reports. When the current density was 600 mA·g−1, the
specific capacity of Cu–HHTQ was 657.6 mA·h·g−1, and the charge–discharge capacity
remained at 82% for 200 cycles. Its specific capacity was also one of the highest values,
as illustrated in Table 1. It was found that the Cu–HHTQ had partial charge capacitor
storage in the scanning rate range of 0.2–1 mV·S−1, and contributed 39% to 58% of the
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capacitance. This was mainly attributed to the high conductivity, large specific surface area
and continuous pores, as well as multiple redox activities.

Table 1. Performance of c-MOFs in rechargeable lithium batteries.

c-MOFs Dimension Application Current Rate Cycles Capacity (mA·h·g−1) Reference

Ni–CAT 1 LIBs anode
0.1 A·g−1

0.2 A·g−1

0.5 A·g−1

/
200
200

889
626
592

[77]

Cu–CAT 1 LIBs anode 0.2 A·g−1

2.0 A·g−1
320
/

646
381 [78]

Co–CAT / LIBs anode 200 mA·g−1 100 404 [79]

Si/Ni3(HITP)2 2 LIBs anode 0.1 C
1 C

100
1000

2657
876 [80]

Cu–BHT·rGO 2 LIBs anode

100 mA·g−1

200 mA·g−1

500 mA·g−1

1000 mA·g−1

/
/
/
/

1190.4
1230.8
1131.4
898.7

[81]

Cu–HHTQ 2 LIBs anode 600 mA·g−1 200 657.6 [82]
Cu3(HHTP)2 / LIBs cathode 1 C 20 94.9 [83]

Cu–BHT 2 LIBs cathode 300 mA·g−1 500 175 [84]
(NBu4)2Fe2(DHBQ)3 3 LIBs cathode 500 mA·g−1 350 103.1 [85]

Co3(HITP)2 2 Li–S batteries
separator / / 762 [86]

Ni3(HITP)2 2 Li–S batteries
separator 1 C 500 716 [87]

Ni3(HITP)2 2 Li–S batteries
separator 0.5 C 300 585.4 [88]

Ni–TABQ 2 Li–S batteries
separator 1 C 1000 820 [89]

Ni3(HITP)2 2 Li–S batteries
cathode

0.2 C
0.5 C
1 C

100
150
300

1302.9
807.4
629.6

[90]

Ni–HHTP@CP / Li–S batteries
cathode 0.2 C 200 910 [91]

NiRu–HTP / Li–air batteries
cathode 500 mA·g−1 200 / [92]

Cu–THQ / Li–air batteries
cathode 1–2 A·g−1 100–300 1000–2000 [93]

Figure 7e shows the comparison of c-MOFs anode (Ni–CAT, Cu–CAT, Co–CAT, Cu–
BHT·rGO, Si/Ni3(HITP)2) with some conventional carbon-based materials as anodes, such
as porous graphite/rGO (PSG/rGO), cobalt–ZIF–62, modified graphite (MG), anthracite-
base graphite, layers of nanoporous graphene (NPG) on the surface of Al thin films (Al–
NPG), porous carbon nanotubes webs with high level of boron and nitrogen co-doping (BN–
PCNTs), three-dimensional interconnected porous carbon nanoflakes (3DPCNs) [94–100].
As can be seen from the figure, the Cu–BHT·rGO and Si/Ni3(HITP)2 have obvious advan-
tages at current densities of 0.1, 0.2, 0.5 and 1 A·g−1 or at rates of 0.1 and 1 C.

4.2. LIBs Cathode

In addition to the construction of c-MOFs anodes, cathodes use c-MOFs to enhance
battery performance. As cathode materials, the large aperture structure and high conductiv-
ity of c-MOFs could effectively improve the cathode capacity. In 2019, Gu et al. prepared a
Cu3(HHTP)2 c-MOF cathode for LIBs (Figure 8a) [83]. The size of Cu3(HHTP)2 nanosheets
was ~20–40 nm, showing an irregular shape. Figure 8b shows the high-resolution trans-
mission electron microscope images. According to Brunauer–Emmett–Teller analysis, the
specific surface area of Cu3(HHTP)2 reached 506.08 m2·g−1. The ideal specific surface area
and effective pore structure of c-MOF were essential for lithium-ion embedding. During
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the charge/discharge cycling test with Cu3(HHTP)2 as the cathode, its discharge capacity
increased with the number of cycles, indicating that the Cu3(HHTP)2 cathode was rela-
tively stable. The capacity of the coin LIBs assembled with c-MOF as the cathode was
95 mA·h·g−1 after 60 cycles, and the CE value was 50% after 500 cycles. The capacity decay
rate was 0.09% per cycle, and the CE value was 100%. During the discharge process, each
unit of Cu2+ was reduced to Cu+ through the insertion of a Li+ unit. Correspondingly, a
unit of Li+ was released during the charging process, and each unit of Cu+ was oxidized
to Cu2+. Figure 8c,d show the capacity change of coin LIBs assembled with Cu3(HHTP)2
as the cathode g at a high current rate. The capacity of coin LIBs gradually decreased
with enhanced current rates. As a low current rate was restored, the battery capacity was
recovered, exhibiting good reversibility. The capacity retention rate of coin LIBs increased
with the increasing current rate. After 500 cycles at 20 C, more than 85% of the battery ca-
pacity was maintained with a decay rate of 0.023% per cycle. In 2020, Wu et al. synthesized
a Cu–BHT 2D c-MOF through the self-assembly reaction of a BHT monomer and Cu(II)
salt in ethanol (Figure 9a), exhibiting room temperature conductivity of 231 S·cm−1 [84].
The thermogravimetric analysis and acid-base tests revealed that the c-MOF exhibited
high thermal and chemical stability. Figure 9b shows the experimental and theoretical
calculation results. The c-MOF was used as a cathode material for LIBs with the potential
range of 1.5–3.0 V (versus Li+/Li), and a four-lithium-ion storage reaction at redox-active
sulfur atoms occurred on each Cu–BHT unit. The electrochemical test revealed that the
reversible capacity of Cu–BHT as the cathode was 232 mA·h·g−1, which was close to its
theoretical capacity of 236 mA·h·g−1, and each unit of Cu–BHT stored ~ 3.94 lithium ions.
The lifespan and rate capacity of the Cu–BHT cathode were tested. The results show that
after 500 cycles at a current density of 300 mA·g−1, the capacity decay rate was 0.048%
per cycle. After 10 days of shelving, the capacity decay rate was 98.1% per cycle. Owing
to its inherent high conductivity and the strong coordination of Cu(II) and BHT in the
complete π-d conjugated system, the Cu–BHT cathode exhibited good cycling performance
and longer service life.

Figure 8. (a) Crystal structure of Cu3(HHTP)2 from top and side views, (b) HR−TEM image of
Cu3(HHTP)2, (c) the rate capability of Cu3(HHTP)2 at current rates from 1 C to 20 C, (d) the cycling
performance of Cu3(HHTP)2 at different current rates for 500 cycles. Reproduced with permission
from Ref. [83]. Copyright 2019 Elsevier B.V.
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Figure 9. (a) Synthesis process of the Cu–BHT C-MOF, (b) experimental and theoretically predicted
DFT voltage curves for the Cu–BHT C-MOF cathode in the voltage range of 1.5 to 3.0 V (versus
Li+/Li). Reproduced with permission from Ref. [84]. Copyright 2020 ACS. (c) Perspective view of the
crystal structure of Fe(DHBQ)–(H2O)2 along the b- and a-axes. Reproduced with permission from
Ref. [101]. Copyright 2021 ACS. (d) (NBu4)2Fe2(DHBQ)3 reaction mechanism during charge and
discharge cycles. Reproduced with permission from Ref. [85]. Copyright 2021 ACS.

The performance of LIBs was improved with increasing conductivity of the active
cathode. In 2021, Kazuki Kon et al. reported a one-dimensional c-MOF Fe(DHBQ)–(H2O)2
(DHBQ is 2,5–dihydroxy–1,4–benzoquinone) [101]. Figure 9c shows the electron transfer
interaction between ligands and metal ions of c-MOF. Fe(DHBQ)–(H2O)2 has no pore
structure owing to the removal of water, while Fe(DHBQ) has a permanent porous structure
in an anhydrous phase. The conductivity of c-MOF increased to 1.0 × 104 S·cm−1 during the
desolvation process, and the conductivity at room temperature was 5 × 10−6 S·cm−1. As
Fe(DHBQ), acetylene black, and polytetrafluoroethylene were mixed in a certain proportion
to design a cathode for LIBs, the initial discharge capacity of LIBs reached 264 mA·h·g−1.

Similarly, in 2021, Dong et al. synthesized a conductive three-dimensional MOF
(NBu4)2Fe2(DHBQ)3 via a simple reaction using mixed of valence 2,5−dihydroxyben−
zoquinone (DHBQ2-/3-) as the linker and Fe3+ as the metal center with a conductivity
of 1.07 mS·cm−1 [85]. The battery based on the c-MOF cathode exhibited a capacity of
91.4% and a high CE of ~100% after 350 cycles at a current density of 500 mA·g−1. With
the current density up to 1000 mA·g−1, the reversible capacity reached 94.4 mA·g−1, and
the capacity retention rate was 71.5% after 1000 cycles. The outstanding electrochemical
properties of c-MOF cathode were attributable to the high conductivity and hollow structure
of (NBu4)2Fe2(DHBQ)3, which can promote the migration kinetics of electrons and ions.
Figure 9d shows the reaction mechanism of the charging and discharging process. During
the discharge process, both DHBQ2− and DHBQ3− underwent a four-electron reaction. In
the charging process, DHBQ4- underwent a five-electron reaction with NBu4

+ and four
lithium ions. Summarily, the inherent pore structure of c-MOFs enhances the specific
surface area of electrodes in LIBs, and increases the number of active sites. This has a
positive effect on restraining the volume expansion of the battery during the charging and
discharging process. The inherent high conductivity of c-MOFs will promote the speed of
ion and electron transfer which is essential for enhancing the performance of LIBs.

5. Application of c-MOFs in Li–S Batteries and Li–Air Batteries

Unlike LIBs that require lithium compounds and graphite as electrodes, Li–S batteries
generally use sulfur as the cathode and lithium foil as the anode, and Li–air batteries can
directly use lithium and oxygen in the air as electrodes. Li–S and Li–air batteries are ascribed
to an electrochemical mechanism different from the ion extraction–insertion mechanism
of LIBs. Additionally, Li–S and non-liquid Li–air batteries exhibit high theoretical energy
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densities of 2600 and 11,200 W·h·kg−1, respectively, [102–105] compared with LIBs (250–300
W·h·kg−1) [106,107]. The following section focuses on the achievements of using c-MOFs
to enhance Li–S batteries and Li–air batteries (Figure 10).

Figure 10. Application of c-MOFs in Li–S and Li–air batteries.

5.1. Li–S Batteries

A Li–S battery consists of a sulfur composite cathode, a lithium metal anode, and an
electrolyte between them (Figure 2). Since elemental sulfur is a poor conductor of electrons,
sulfur composite positive electrodes consist of the elemental sulfur, a conductive agent,
and a polymer binder. Currently, widely used Li–S batteries are organic electrolytes based
on organic solvents and lithium salts. According to Equation (6), the metal lithium anode
loses electrons in the discharge process to generate lithium ions, and the metal lithium is
continuously dissolved in the electrolyte. During the charging process, lithium ions gain
electrons from the electrolyte, and metallic lithium is recovered, which continuously forms
sediments on the pole.

2Li+ + S + 2e− � Li2S (6)

Owing to the high theoretical specific energy and capacity (1675 mA·h·g−1) of sulfur
as a cathode for lithium batteries, Li–S batteries have received great attention as a next-
generation energy storage system [108–110]. Moreover, sulfur is cheap (<USD 150 per
metric ton), environmentally friendly, and abundant (17th richest element) [111–113]. How-
ever, the poor cyclability and slow charging/discharging rate of Li–S batteries are the
bottlenecks restricting their development [114–116]. To address the problems associated
with Li–S batteries such as the insulation performance of sulfur [117], the large volume
change during the battery discharge process [118], and the reciprocating migration (shuttle
effect) of polysulfides (Li2Sn, 4 ≤ n ≤ 8) formed between positive and negative elec-
trodes [119], the application of MOFs in Li–S batteries has received great attention owing to
the high specific surface area, adjustable structures, ideal crystallization, and rich catalytic
sites [86,120–124]. However, the inherent electronic conductivity of conventional MOFs
materials is usually poor, resulting in unsatisfactory reaction efficiency and low utilization
of active species [40]. In contrast, c-MOFs have shown great potential for wide applications
in Li–S batteries owing to their excellent electronic conductivity.
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In 2018, Li et al. performed first-principles calculations via the projected-augmented
wave method according to density functional theory (DFT) [125]. The adsorption of
S8/lithium polysulfides (LiPSs Li2Sn, n = 1, 2, 4, 6, and 8) on Cu–BHT monolayers was
systematically studied. The results revealed that the outstanding conductivity of the
Cu–BHT monolayer was the key factor for improving sulfur availability. Owing to the
combination of Li–S bonds and Sa–Cu bonds, the Cu–BHT monolayer interacted with
LiPSs and guided the uniform diffusion of Li2S. The above conclusions indicated that the
Cu–BHT monolayer played a vital role in inhibiting the shuttling of soluble LiPSs and
improving the charging–discharging rate and cyclability.

5.1.1. Li–S Batteries Separators

Experimentally, the surface in situ modification of traditional separators using c-MOFs
materials is a promising strategy for separator modification and interfacial stabilization
of lithium metal batteries. In 2018, Zang et al. developed a liquid–solid interface via a
self-assembly method to design and prepare Ni3(HITP)2 materials [87]. The material was a
large area of the microporous membrane without cracks. Concurrently, the concept of a
polysulfide barrier in Li–S batteries was put forward by Zang et al. Crystalline microporous
membrane was a beneficial barrier layer that could improve the performance of Li–S
batteries. The microporous film exhibited a low density, a large area (more than 75 cm2),
adjustable thickness (90–970 nm), and high conductivity (3720 S·m−1). Additionally, the
microporous film exhibited a highly neat pore structure and excellent ability to adsorb
polysulfides, which was an ideal barrier. The results showed that the capacity, rate function,
and cyclability of the Li–S batteries were significantly improved after the film was used to
optimize the Li–S batteries, and the average capacity decay rate was 0.032% per cycle.

In 2019, Chen et al. prepared a membrane modified using Ni3(HITP)2 layers through
a simple filtration method [88]. The battery separators achieved a specific capacity of
1220.1 mA·h·g−1 at a discharge rate of 0.1 C, a specific capacity of 800.2 mA·h·g−1 at 2 C,
and a specific capacity of 1008.0 mA·h·g−1 at 0.1 C (Figure 11a). The designed diaphragm
exhibited good conductivity, a well-distributed pore structure, and good hydrophilicity,
which adsorbed the polysulfide to reduce blockage and improved the cycling stability of
the battery. Therefore, the separator can slow down the shuttle effect of Li–S batteries and
enhance their capacity rate.

Figure 11. (a) Rate performance of Li–S batteries with PP and Ni3(HITP)2 modified separators at
different current densities of 0.1, 0.2, 0.5, 1, 2 and 0.1 C. Reproduced with permission from Ref. [88].
Copyright 2019 ACS. (b) Cycling performance of S@Ni3(HITP)2-CNT cathode after 100 cycles at 0.2 C.
Reproduced with permission from Ref. [90]. Copyright 2019 Wiley-VCH. (c) Rate performance of
Ni–HHTP@CP cathode and Ni-BTC@CP cathode in Li–S batteries. Reproduced with permission from
Ref. [91]. Copyright 2021 Elsevier B.V. (d) XPS survey spectrum of Cu–THQ NFs coated on GDE,
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(e) High resolution TEM image of the Li2O2 product after the 10th discharge. The corresponding fast
Fourier transform (FFT) pattern is shown in the inset, (f) long-term cycling of Li||Li symmetrical
cell with current density of 0.5 mA·cm−2 and fixed capacity of capacity of 0.5 mA·h·cm−2. The inset
presents the details of the voltage versus time profile towards the end of cycling. Reproduced with
permission from Ref. [93]. Copyright 2022 Wiley-VCH Verlag.

In 2022, Xiao et al. proposed a strategy to simultaneously integrate two catalytic centers
with different properties (Ni–N4 active site and quinone chemical group) into one c-MOF
Ni–tetraaminobenzoquinone (Ni–TABQ) [89]. This strategy could effectively elucidate the
concept of efficient multi-step catalytic conversion of LiPSs using MOFs. Additionally, a Ni–
TABQ film prepared in situ on the polypropylene separator had a density of 0.075 mg·cm−2

and a thickness of 1.8 μm. Systematic electrochemical experiments and detailed DFT
simulation calculations show that the c-MOF film can simultaneously realize the sieving,
adsorption, and multi-step catalytic conversion of polysulfide ions, which significantly
improves the capacity and lifespan of Li–S batteries.

5.1.2. Li–S Batteries Cathode

Regarding the use of c-MOFs to modify the membrane, its modification on the cathode
has also received attention. In 2019, Cai et al. synthesized the c-MOF Ni3(HITP)2 via
a straightforward hydrothermal approach and studied its electrochemical behavior as a
cathode for Li–S batteries [90]. Ni3(HITP)2 is hydrophilic and can adsorb polysulfides, and
its shape is similar to the two-dimensional layered structure of graphene. Ni3(HITP)2 was
an effective physical barrier that could inhibit the shuttle effect and improve cycling stability.
The sulfur body in Li–S batteries required the use of c-MOFs to enhance its performance.
The experimental results showed that the carbon nanotube-based S@Ni3(HITP)2 cathode
displayed excellent sulfur availability, rate performance, and stable cycling endurance.
After 100 cycles at 0.2 C, a high primary capacity of 1302.9 mA·h·g−1 and a good capacity
maintenance of 848.9 mA·h·g−1 occurred (Figure 11b).

In 2021, Wang et al. adjusted the surface chemistry of self-supporting carbon pa-
per (CP) using Ni–HHTP materials to facilitate polysulfide conversion in Li–S batter-
ies [91]. The electronic conductivity of Ni–HHTP was higher than that of traditional MOFs
(6 × 10−3 S·cm−1). Ni–HHTP exhibited strong chemisorption of polysulfides, which sup-
pressed the shuttle effect, thus improving the utilization rate of active materials in Li–S
batteries. The Li–S batteries loaded with Ni–HHTP@CP materials under the conditions of
high sulfur load and reduced electrolyte exhibited excellent rate performance, a specific ca-
pacity of 892 mA·h·g−1 at a discharge rate of 2 C (Figure 11c). The Ni–HHTP@CP material
proves that the synergistic effect of strong polysulfide adsorption and excellent electronic
conductivity is essential for the design of cathode materials for Li–S batteries.

The aforementioned studies have shown that whether c-MOFs were used for the
diaphragm or positive electrode of Li–S batteries, as the c-MOFs adsorbed polysulfides,
the shuttle effect was restrained, thus improving the battery performance. This discovery
provides a clear direction for the design of Li–S battery modification.

5.2. Li–Air Batteries

As a new generation of large-capacity batteries, Li–air batteries have attracted special
interest. The Li–air battery consists of a pure lithium metal sheet, an electrolyte, and an
air cathode containing catalysts (Figure 2). The Li–air battery is a simple layered structure.
The diaphragm is immersed in the electrolyte and arranged between the cathode and the
anode. The positive side of the Li–air battery is covered with oxygen pores. In addition,
the positive electrode uses a gas diffusion layer electrode with composite porous carbon
as a collector. In the discharge reaction, the metal lithium of the cathode dissolves and
reacts with oxygen on the positive electrode, and lithium peroxide is precipitated (Li2O2).
Charging is the reverse of the discharge reaction. The Li2O2 of the positive electrode is

94



Batteries 2023, 9, 109

decomposed to release oxygen, and the metal Li is precipitated on the negative electrode.
The overall equation is written as follows:

2Li+ + O2 + 2e− � Li2O2 (7)

In theory, since oxygen is not limited as a positive reactant, the battery capacity only
depends on the lithium electrode. The theoretical energy density of Li–air batteries is higher
than that of LIBs and it is very promising for automotive batteries [126,127]. However,
owing to their fatal defects, Li–air batteries have not been popularized. During discharge
and charging reactions, solid reaction products (such as Li2O2) accumulate on the cathode
surface, and the contact between oxygen and electrolyte is blocked; thus, the discharge
would be stopped [92,128,129]. Additionally, the decomposition efficiency of Li2O2 gen-
erated during battery operation is low, and Li2O2 would diffuse and accumulate on the
cathode surface, which affect the cycling performance of the battery [130]. To optimize
battery performance, MOFs have been used as ideal candidates for studying electrode
materials in electrochemical energy applications, particularly in secondary batteries such
as Li–air batteries, owing to their excellent properties. However, because of their insulation,
traditional MOFs are distant from the standard of practical positive electrode materials.
Therefore, the synthesis of c-MOFs with high conductivity and structural stability via
various design strategies is crucial for their application in Li–air batteries [131,132].

In 2022, Majidi et al. peeled bulk Cu–THQ into 2D nanosheets (NFs) via stripping tech-
nology, and then coated the peeled Cu–THQ–NFs on a gas diffusion electrode (GDE) [93].
Figure 11d shows the XPS survey spectrum of Cu–THQ–NFs coated on a GDE. DFT calcu-
lation of Li2O2 growth on Cu–THQ framework showed that Cu was the growth site, and
its formation was thermodynamically favorable. Because the surface of c-MOFs was highly
active, it could promote the formation of nanocrystalline Li2O2 in the amorphous Li2O2
region (Figure 11e). These characteristics, combined with the InBr3 electrolyte additive,
enabled the battery to operate at a high charge/discharge current density (Figure 11f).

Overall, c-MOF is a promising material, regardless of the numerous challenges. The
progress of c-MOF synthesis will lead to rapid and sustainable development in the fields
of electronics and electrochemistry. Moreover, c-MOF has made inspiring progress in
numerous aspects when applied to potential rechargeable lithium batteries, although we
are a significant distance from commercialization. As the remaining problems in these
batteries have been solved by several researchers in the exponentially growing battery
market, other batteries are likely to coexist with LIBs and may dominate the rechargeable
lithium battery market position over the next decade.

6. Theoretical Calculation

First-principles calculations that rely on DFT are crucial in scientific research. For
example, DFT calculations can effectively predict the application of new materials, which
is instructive for subsequent experiments and validate the experimental results. In the
field of energy storage, DFT calculations can determine the stability of a material structure,
calculate the free energy, and then elucidate the electrochemical reactions that occurred in
the reaction process. DFT calculations can also calculate the distribution of electrons in new
materials. For example, band structure and density of state (DOS) can determine whether
a novel electrode material is a metal, a semiconductor or an insulator. Concurrently, DFT
calculations can not only simulate the ion diffusion kinetics to elucidate the electrochemical
reaction rate but also simulate the ion adsorption kinetics [133,134]. DFT calculations help
to guide the experiment and save cost and time. Currently, the application of c-MOFs
in the modification of rechargeable lithium batteries has not been sufficiently developed.
Therefore, providing theoretical predictions and guidance for the research and development
of advanced materials in this field is vital. This section reviews several works conducted via
the DFT method, such as the differences between Cu3(HHTP)2 before and after lithiation,
the structural changes of TQ during lithiation, the stable adsorption sites of lithium in
Cu–BHT, and the advantages of Ga3C6N6 as the anode for LIBs.
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Gu et al. performed DFT calculations to elucidate the structural differences between
the original and lithiated Cu3(HHTP)2 in LIBs (Figure 12a) [83]. As lithium ions were
intercalated into Cu3(HHTP)2, each lithium ion was adsorbed on the copper atoms between
the layers, which led to the structure relaxation, and a slight decrease in the α and β angles.
Other lattice parameters were almost unchanged, indicating the stability of the hexagonal
frame. However, the Cu2+ of Cu3(HHTP)2 was reduced to Cu+ to adsorb a Li+, resulting in
the reduction in the repulsion between the layers in the framework and a decrease in the
crystal volume. Gu et al. also calculated the average redox potential of Cu3(HHTP)2, which
was consistent with the experimental results. Similarly, Wu et al. calculated the stable
adsorption sites of lithium in Cu–BHT via the DFT method [84]. The benzene ring locates
at the center of the structure, and the five-membered ring composed of S, C, Cu and the
six-membered ring structure composed of S, Cu are calculated and analyzed (Figure 12b).
The results revealed that the C site of the benzene ring was suitable for lithium storage, and
the conductivity of lithium atoms increased after the insertion of Cu–BHT. The original
Cu–BHT exhibited metallic properties and a small band gap, resulting in high conductivity
(Figure 12c). The emergence of new electronic states in the six-membered rings and carbon
ring proves that the conductivity is higher compared with that of the original Cu–BHT. To
elucidate the lithium storage mechanism of TQ in LIBs, Yan et al. used DFT to calculate
the structural change of TQ during the lithiation process [82]. Computational results
showed that TQ underwent a nine-electron reaction during the lithiation and delithiation.
Figure 12d shows the structural change from TQ to TQ-9Li. 1 Li+–3 Li+ combined with
three pyrimidine N atoms to form TQ-Li, TQ-2Li, and TQ-3Li. The 4 Li+–6 Li+ were
distributed around the central N atom, and the C=C bond was adjacent to the C=N bond
owing to electrostatic interactions. As 6 Li+ were inserted, the electrostatic potential of the
terminal benzene ring became negative, and the 7 Li+–9 Li+ combined with the terminal
benzene ring, respectively. Additionally, DFT calculation used in the design of c-MOFs
also occupied a vital position in the c-MOFs structure. Wu et al. theoretically designed a
2D MOF of Ga3C6N6 based on Cu–BHT via the isoelectronic substitution strategy [135].
The structure of the Ga3C6N6 MOF monolayer remained stable at 2400 K, indicating that
the MOF exhibited excellent thermal stability. The theoretical calculation results show that
Ga3C6N6 had a moderate open circuit potential (0.96 V), a low diffusion barrier (1.12 eV),
and a high theoretical specific capacity (330 mA·h·g−1). According to the calculated band
structure and DOS of Ga3C6N6 adsorbed by lithium atoms in Figure 12e,f, a single lithium
atom was adsorbed, and the lithium atom did not contribute to DOS around the Fermi
level, but with increasing adsorption quantity of lithium atoms, the contribution of lithium
atoms gradually increased. Therefore, Ga3C6N6 exhibited excellent lithium storage capacity
and good electronic conductivity. The above calculation results show that Ga3C6N6 is a
promising anode material for LIBs.

Although the experimental results are important for a new study, DFT calculations
can expose some unobservable details, such as the lithium storage sites for c-MOFs, the
changes in the structure of c-MOFs during the lithiation and delithiation processes, and the
reaction mechanism. These theoretical findings are vital for improving the performance of
rechargeable lithium batteries.
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Figure 12. (a) Side view and top view of a single unit of relaxed and lithiated Cu3(HHTP)2 framework.
The average potential for each lithium-ion insertion was 2.55 V, taking the lithium anode as a reference.
The green, red, brown, blue, and white spheres are lithium, oxygen, carbon, copper, and hydrogen
atoms, respectively. Reproduced with permission from Ref. [83]. Copyright 2019 Elsevier B.V.
(b) Fully relaxed 2 × 2 crystallographic structure of the 2D Cu–BHT MOF. The numbers and letters
represent different positions for Li+ adsorption. C atoms in brown, Cu atoms in blue, and S atoms
in yellow, (c) total and projected density of states of the fresh Cu–BHT monolayer and 1 Li+ loaded
in the essential three rings of the Cu–BHT structure. Reproduced with permission from Ref. [84].
Copyright 2020 ACS. (d) Structure evolution of TQ lithiation pathway in LIBs calculated by DFT.
Reproduced with permission from ref. [82]. Copyright 2021, John Wiley and Sons Ltd. Energy band
structures and density of states (DOS) of (e) Li0.25Ga3C6N6, (f) Li4.5Ga3C6N6. The dashed red lines
represent the Fermi levels. Reproduced with permission from Ref. [135]. Copyright 2022 Elsevier B.V.

7. Conclusions and Outlook

As one of the better-developed batteries currently, the development of rechargeable
lithium batteries is hindered by problems, such as dendrite generation during operation,
volume expansion, polysulfide formation, and loss of active materials. To effectively solve
the above-mentioned problems, the specific surface area of the electrode, the conductivity of
the electrode surface, and the lithium storage capacity of the electrode have been increased.
In recent years, MOFs have emerged as a promising material for several industrial appli-
cations owing to their permanent pore structures, large specific surface areas, adjustable
structures and simple synthesis methods. However, the insulating nature of most MOFs
limits their application in the energy field. C-MOFs have received great attention owing to
their high conductivity compared with conventional MOFs. The applications of c-MOFs are
outlined as follows. (1) For LIBs, the inherent large specific surface area, porous structure,
and high electrical conductivity of c-MOFs provide LIBs with more active sites and lithium
storage sites, which promote the migration rate of ions. (2) According to Li–S batteries,
c-MOFs can adsorb polysulfide generated during the reaction, either as a cathode or as a
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diaphragm, which play a vital role in inhibiting the shuttle effect. (3) For Li–air batteries,
c-MOFs have been used in these novel energy systems, and they could operate stably at
high current densities. (4) DFT calculations play a vital role in predicting and guiding the
synthesis of composite electrodes. Presently, c-MOFs are gradually used in rechargeable
lithium batteries and energy and electronic devices. This review elucidates the conductive
mechanism of c-MOFs, then introduces the preparation methods of c-MOFs, and summa-
rizes the applications of c-MOFs in rechargeable LIBs, Li–S batteries, and Li–air batteries
according to the classification of batteries. The performance of c-MOFs in rechargeable
lithium batteries is summarized in Table 1.

C-MOFs combine the advantages of metal ions and organic ligands to solve the prob-
lem of low conductivity of materials owing to the difficulty in functionalization of metal
ions and the inability of organic ligands to achieve a long-range order. However, c-MOFs
require several developments. (1) The elucidation of the conduction and energy storage
mechanism of electrode materials helps to control the synthesis of c-MOFs electrodes and
enhance the battery performance. Different c-MOFs have distinct conduction and energy
storage mechanisms. Therefore, exploring the mechanism of c-MOFs is vital. DFT calcu-
lations are of great significance in this aspect. (2) Presently, several preparation methods
of c-MOFs are relatively complex owing to the harsh conditions and long-synthesis time,
which is not conducive for large-scale production. The optimization of the preparation
method of c-MOFs through a decrease in the synthesis time and adjusting the synthesis
conditions to achieve low-cost, large-scale production still requires continuous improve-
ment. (3) DFT calculations are significant for developing various new organic ligands
and guiding the synthesis of new c-MOFs. c-MOFs combined several functional materials
with a specific ability to provide a stronger binding force. The heat resistance and acid
and alkaline resistance of c-MOFs can be effectively improved. Continuous innovation is
required for the improvement of c-MOFs. (4) C-MOFs can be used in the fields of lithium
batteries, other alkali metal batteries (sodium-ion batteries and KIBs), and multivalent
metal-ion batteries (zinc-ion batteries and magnesium-ion batteries). Although c-MOFs
have several applications presently, they still have huge development potential in this
field. We believe that the research and application of c-MOFs in the field of electrochemical
energy storage and conversion will be more extensive as shown in Figure 13. In this field,
opportunities and challenges coexist.
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Figure 13. Further research and application of c-MOFs in other batteries.
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52. Pauliukaite, R.; Juodkazytė, J.; Ramanauskas, R. Theodor von Grotthuss’ Contribution to Electrochemistry. Electrochim. Acta 2017,
236, 28–32. [CrossRef]

53. Xie, X.-X.; Yang, Y.-C.; Dou, B.-H.; Li, Z.-F.; Li, G. Proton conductive carboxylate-based metal-organic frameworks. Coord. Chem.
Rev. 2020, 403, 213100. [CrossRef]

54. Li, A.-L.; Gao, Q.; Xu, J.; Bu, X.-H. Proton-conductive metal-organic frameworks: Recent advances and perspectives. Coord. Chem.
Rev. 2017, 344, 54–82. [CrossRef]

55. Xie, L.S.; Skorupskii, G.; Dinca, M. Electrically Conductive Metal-Organic Frameworks. Chem. Rev. 2020, 120, 8536–8580.
[CrossRef]

56. Chen, T.; Dou, J.-H.; Yang, L.; Sun, C.; Libretto, N.J.; Skorupskii, G.; Miller, J.T.; Dinca, M. Continuous Electrical Conductivity
Variation in M3(Hexaiminotriphenylene)2 (M = Co, Ni, Cu) MOF Alloys. J. Am. Chem. Soc. 2020, 142, 12367–12373. [CrossRef]

57. Hmadeh, M.; Lu, Z.; Liu, Z.; Gándara, F.; Furukawa, H.; Wan, S.; Augustyn, V.; Chang, R.; Liao, L.; Zhou, F.; et al. New Porous
Crystals of Extended Metal-Catecholates. Chem. Mater. 2012, 24, 3511–3513. [CrossRef]

101



Batteries 2023, 9, 109

58. Day, R.W.; Bediako, D.K.; Rezaee, M.; Parent, L.R.; Skorupskii, G.; Arguilla, M.Q.; Hendon, C.H.; Stassen, I.; Gianneschi, N.C.;
Kim, P.; et al. Single Crystals of Electrically Conductive Two-Dimensional Metal-Organic Frameworks: Structural and Electrical
Transport Properties. ACS Cent. Sci. 2019, 5, 1959–1964. [CrossRef]

59. Li, W.-H.; Ding, K.; Tian, H.-R.; Yao, M.-S.; Nath, B.; Deng, W.-H.; Wang, Y.; Xu, G. Conductive Metal-Organic Framework
Nanowire Array Electrodes for High-Performance Solid-State Supercapacitors. Adv. Funct. Mater. 2017, 27, 1702067. [CrossRef]

60. Zacher, D.; Baunemann, A.; Hermes, S.; Fischer, R.A. Deposition of microcrystalline [Cu3(btc)2] and [Zn2(bdc)2(dabco)] at alumina
and silica surfaces modified with patterned self assembled organic monolayers: Evidence of surface selective and oriented growth.
J. Mater. Chem. 2007, 17, 2785–2792. [CrossRef]

61. Pal, T.; Kambe, T.; Kusamoto, T.; Foo, M.L.; Matsuoka, R.; Sakamoto, R.; Nishihara, H. Interfacial Synthesis of Electrically
Conducting Palladium Bis(dithiolene) Complex Nanosheet. ChemPlusChem 2015, 80, 1255–1258. [CrossRef]

62. Sheberla, D.; Sun, L.; Blood-Forsythe, M.A.; Er, S.; Wade, C.R.; Brozek, C.K.; Aspuru-Guzik, A.; Dinca, M. High Electrical
Conductivity in Ni3(2,3,6,7,10,11-hexaiminotriphenylene)2, a Semiconducting Metal-Organic Graphene Analogue. J. Am. Chem.
Soc. 2014, 136, 8859–8862. [CrossRef]

63. Song, X.; Wang, X.; Li, Y.; Zheng, C.; Zhang, B.; Di, C.-A.; Li, F.; Jin, C.; Mi, W.; Chen, L.; et al. 2D Semiconducting Metal-Organic
Framework Thin Films for Organic Spin Valves. Angew. Chem. Int. Ed. Engl. 2020, 59, 1118–1123. [CrossRef]

64. Zacher, D.; Shekhah, O.; Woll, C.; Fischer, R.A. Thin films of metal-organic frameworks. Chem. Soc. Rev. 2009, 38, 1418–1429.
[CrossRef]

65. Summerfield, A.; Cebula, I.; Schroder, M.; Beton, P.H. Nucleation and Early Stages of Layer-by-Layer Growth of Metal Organic
Frameworks on Surfaces. J. Phys. Chem. C 2015, 119, 23544–23551. [CrossRef]

66. Stavila, V.; Volponi, J.; Katzenmeyer, A.M.; Dixon, M.C.; Allendorf, M.D. Kinetics and mechanism of metal–organic framework
thin film growth: Systematic investigation of HKUST-1 deposition on QCM electrodes. Chem. Sci. 2012, 3, 1531–1540. [CrossRef]

67. Ladnorg, T.; Welle, A.; Heissler, S.; Woll, C.; Gliemann, H. Site-selective growth of surface-anchored metal-organic frameworks on
self-assembled monolayer patterns prepared by AFM nanografting. Beilstein J. Nanotechnol. 2013, 4, 638–648. [CrossRef]

68. Arslan, H.K.; Shekhah, O.; Wohlgemuth, J.; Franzreb, M.; Fischer, R.A.; Wöll, C. High-Throughput Fabrication of Uniform and
Homogenous MOF Coatings. Adv. Funct. Mater. 2011, 21, 4228–4231. [CrossRef]

69. Shekhah, O.; Wang, H.; Strunskus, T.; Cyganik, P.; Zacher, D.; Fischer, R.; Wöll, C. Layer-by-Layer Growth of Oriented Metal
Organic Polymers on a Functionalized Organic Surface. Langmuir 2007, 23, 7440–7442. [CrossRef]

70. Contreras-Pereda, N.; Pané, S.; Puigmartí-Luis, J.; Ruiz-Molina, D. Conductive properties of triphenylene MOFs and COFs. Coord.
Chem. Rev. 2022, 460, 214459. [CrossRef]

71. Li, J.; Cai, Y.; Wu, H.; Yu, Z.; Yan, X.; Zhang, Q.; Gao, T.Z.; Liu, K.; Jia, X.; Bao, Z. Polymers in Lithium-Ion and Lithium Metal
Batteries. Adv. Energy Mater. 2021, 11, 2003239. [CrossRef]

72. Zhang, L.; Zhu, C.; Yu, S.; Ge, D.; Zhou, H. Status and challenges facing representative anode materials for rechargeable lithium
batteries. J. Energy Chem. 2022, 66, 260–294. [CrossRef]

73. Su, Y.-S.; Hsiao, K.-C.; Sireesha, P.; Huang, J.-Y. Lithium Silicates in Anode Materials for Li-Ion and Li Metal Batteries. Batteries
2022, 8, 2. [CrossRef]

74. Liu, W.; Lu, B.; Liu, X.; Gan, Y.; Zhang, S.; Shi, S. In Situ Synthesis of the Peapod-Like Cu–SnO2 @Copper Foam as Anode with
Excellent Cycle Stability and High Area Specific Capacity. Adv. Funct. Mater. 2021, 31, 2101999. [CrossRef]

75. Liu, W.; Chen, X.; Zhang, J.; Zhang, S.; Shi, S. In-Situ synthesis of freestanding porous SnOx-decorated Ni3Sn2 composites with
enhanced Li storage properties. Chem. Eng. J. 2021, 412, 128591. [CrossRef]

76. Liu, W.; Xiang, P.; Dong, X.; Yin, H.; Yu, H.; Cheng, P.; Zhang, S.; Shi, S. Two advantages by a single move: Core-bishell electrode
design for ultrahigh-rate capacity and ultralong-life cyclability of lithium ion batteries. Compos. B Eng. 2021, 216, 108883.
[CrossRef]

77. Guo, L.; Sun, J.; Sun, X.; Zhang, J.; Hou, L.; Yuan, C. Construction of 1D conductive Ni-MOF nanorods with fast Li+ kinetic
diffusion and stable high-rate capacities as an anode for lithium ion batteries. Nanoscale Adv. 2019, 1, 4688–4691. [CrossRef]

78. Guo, L.; Sun, J.; Zhang, W.; Hou, L.; Liang, L.; Liu, Y.; Yuan, C. Bottom-Up Fabrication of 1D Cu-based Conductive Metal-Organic
Framework Nanowires as a High-Rate Anode Towards Efficient Lithium Storage. ChemSusChem 2019, 12, 5051–5058. [CrossRef]

79. Mao, P.; Fan, H.; Liu, C.; Lan, G.; Huang, W.; Li, Z.; Mahmoud, H.; Zheng, R.; Wang, Z.; Sun, H.; et al. Conductive Co-based metal
organic framework nanostructures for excellent potassium- and lithium-ion storage: Kinetics and mechanism studies. Sustain.
Energy Fuels 2022, 6, 4075–4084. [CrossRef]

80. Nazir, A.; Le, H.T.T.; Min, C.-W.; Kasbe, A.; Kim, J.; Jin, C.S.; Park, C.J. Coupling of a conductive Ni3(2,3,6,7,10,11-
hexaiminotriphenylene)2 metal-organic framework with silicon nanoparticles for use in high-capacity lithium-ion batteries.
Nanoscale 2020, 12, 1629–1642. [CrossRef]

81. Meng, C.; Hu, P.; Chen, H.; Cai, Y.; Zhou, H.; Jiang, Z.; Zhu, X.; Liu, Z.; Wang, C.; Yuan, A. 2D conductive MOFs with sufficient
redox sites: Reduced graphene oxide/Cu-benzenehexathiolate composites as high capacity anode materials for lithium-ion
batteries. Nanoscale 2021, 13, 7751–7760. [CrossRef]

82. Yan, J.; Cui, Y.; Xie, M.; Yang, G.-Z.; Bin, D.S.; Li, D. Immobilizing Redox-Active Tricycloquinazoline into a 2D Conductive
Metal-Organic Framework for Lithium Storage. Angew. Chem. Int. Ed. 2021, 60, 24467–24472. [CrossRef]

83. Gu, S.; Bai, Z.; Majumder, S.; Huang, B.; Chen, G. Conductive metal–organic framework with redox metal center as cathode for
high rate performance lithium ion battery. J. Power Sources 2019, 429, 22–29. [CrossRef]

102



Batteries 2023, 9, 109

84. Wu, Z.; Adekoya, D.; Huang, X.; Kiefel, M.J.; Xie, J.; Xu, W.; Zhang, Q.; Zhu, D.; Zhang, S. Highly Conductive Two-Dimensional
Metal-Organic Frameworks for Resilient Lithium Storage with Superb Rate Capability. ACS Nano 2020, 14, 12016–12026.
[CrossRef]

85. Dong, H.; Gao, H.; Geng, J.; Hou, X.; Gao, S.; Wang, S.; Chou, S. Quinone-Based Conducting Three-Dimensional Metal–Organic
Framework as a Cathode Material for Lithium-Ion Batteries. J. Phys. Chem. C 2021, 125, 20814–20820. [CrossRef]

86. Gu, S.; Xu, S.; Song, X.; Li, H.; Wang, Y.; Zhou, G.; Wang, N.; Chang, H. Electrostatic Potential-Induced Co-N4 Active Centers in a
2D Conductive Metal-Organic Framework for High-Performance Lithium-Sulfur Batteries. ACS Appl. Mater. Interfaces 2022, 14,
50815–50826. [CrossRef]

87. Zang, Y.; Pei, F.; Huang, J.; Fu, Z.; Xu, G.; Fang, X. Large-Area Preparation of Crack-Free Crystalline Microporous Conductive
Membrane to Upgrade High Energy Lithium-Sulfur Batteries. Adv. Energy Mater. 2018, 8, 1802052. [CrossRef]

88. Chen, H.; Xiao, Y.; Chen, C.; Yang, J.; Gao, C.; Chen, Y.; Wu, J.; Shen, Y.; Zhang, W.; Li, S.; et al. Conductive MOF-Modified
Separator for Mitigating the Shuttle Effect of Lithium-Sulfur Battery through a Filtration Method. ACS Appl. Mater. Interfaces
2019, 11, 11459–11465. [CrossRef]

89. Xiao, Y.; Xiang, Y.; Guo, S.; Wang, J.; Ouyang, Y.; Li, D.; Zeng, Q.; Gong, W.; Gan, L.; Zhang, Q.; et al. An ultralight electroconduc-
tive metal-organic framework membrane for multistep catalytic conversion and molecular sieving in lithium-sulfur batteries.
Energy Storage Mater. 2022, 51, 882–889. [CrossRef]

90. Cai, D.; Lu, M.; Li, L.; Cao, J.; Chen, D.; Tu, H.; Li, J.; Han, W. A Highly Conductive MOF of Graphene Analogue Ni3 (HITP)2 as a
Sulfur Host for High-Performance Lithium-Sulfur Batteries. Small 2019, 15, 1902605. [CrossRef]

91. Wang, S.; Huang, F.; Zhang, Z.; Cai, W.; Jie, Y.; Wang, S.; Yan, P.; Jiao, S.; Cao, R. R. Conductive metal-organic frameworks
promoting polysulfides transformation in lithium-sulfur batteries. J. Energy Chem. 2021, 63, 336–343. [CrossRef]

92. Lv, Q.; Zhu, Z.; Ni, Y.; Wen, B.; Jiang, Z.; Fang, H.; Li, F. Atomic Ruthenium-Riveted Metal–Organic Framework with Tunable
d-Band Modulates Oxygen Redox for Lithium–Oxygen Batteries. J. Am. Chem. Soc. 2022, 144, 23239–23246. [CrossRef] [PubMed]

93. Majidi, L.; Ahmadiparidari, A.; Shan, N.; Singh, S.K.; Zhang, C.; Huang, Z.; Rastegar, S.; Kumar, K.; Hemmat, Z.; Ngo, A.T.; et al.
Nanostructured Conductive Metal Organic Frameworks for Sustainable Low Charge Overpotentials in Li–air Batteries. Small
2022, 18, 2102902. [CrossRef] [PubMed]

94. Chen, K.; Yang, H.; Liang, F.; Xue, D. Microwave-irradiation-assisted combustion toward modified graphite as lithium ion battery
anode. ACS Appl. Mater. Interfaces 2018, 10, 909–914. [CrossRef] [PubMed]

95. Gao, C.; Jiang, Z.; Qi, S.; Wang, P.; Jensen, L.; Johansen, M.; Christensen, C.; Zhang, Y.; Ravnsbæk, D.; Yue, Y. Metal-organic
framework glass anode with an exceptional cycling-induced capacity enhancement for lithium-ion batteries. Adv. Mater. 2022, 34,
2110048. [CrossRef]

96. Zhong, M.; Yan, J.; Wang, L.; Huang, Y.; Li, L.; Gao, S.; Tian, Y.; Shen, W.; Zhang, J.; Guo, S. Hierarchic porous graphite/reduced
graphene oxide composites generated from semi-coke as high-performance anodes for lithium-ion batteries. Sustain. Mater.
Techno. 2022, 33, e00476. [CrossRef]

97. Qiu, T.; Yu, Z.; Xie, W.; He, Y.; Wang, H.; Zhang, T. Preparation of Onion-like Synthetic Graphite with a Hierarchical Pore
Structure from Anthracite and Its Electrochemical Properties as the Anode Material of Lithium-Ion Batteries. Energy Fuels 2022,
36, 8256–8266. [CrossRef]

98. Kwon, G.D.; Moyen, E.; Lee, Y.J.; Joe, J.; Pribat, D. Graphene-coated aluminum thin film anodes for lithium-ion batteries. ACS
Appl. Mater. Interfaces 2018, 10, 29486–29495. [CrossRef]

99. Zhang, L.; Xia, G.; Guo, Z.; Li, X.; Sun, D.; Yu, X. Boron and nitrogen co-doped porous carbon nanotubes webs as a high-
performance anode material for lithium ion batteries. Int. J. Hydrogen Energy 2016, 41, 14252–14260. [CrossRef]

100. Zhang, D.; Su, W.; Li, Z.; Wang, Q.; Yuan, F.; Sun, H.; Li, Y.; Zhang, Y.; Wang, B. Three-dimensional interconnected porous
carbon nanoflakes with improved electron transfer and ion storage for lithium-ion batteries. J. Alloys Compd. 2022, 904, 164122.
[CrossRef]

101. Kon, K.; Uchida, K.; Fuku, K.; Yamanaka, S.; Wu, B.; Yamazui, D.; Iguchi, H.; Kobayashi, H.; Gambe, Y.; Honma, I.; et al. Electron-
Conductive Metal-Organic Framework, Fe(dhbq)(dhbq = 2,5-Dihydroxy-1,4-benzoquinone): Coexistence of Microporosity and
Solid-State Redox Activity. ACS Appl. Mater. Interfaces 2021, 13, 38188–38193. [CrossRef]

102. Cheng, Q.; Yin, Z.; Pan, Z.; Zhong, X.; Rao, H. Lightweight Free-Standing 3D Nitrogen-Doped Graphene/TiN Aerogels with
Ultrahigh Sulfur Loading for High Energy Density Li–S Batteries. ACS Appl. Energy Mater. 2021, 4, 7599–7610. [CrossRef]

103. McCreary, C.; An, Y.; Kim, S.U.; Hwa, Y. A Perspective on Li/S Battery Design: Modeling and Development Approaches. Batteries
2021, 7, 82. [CrossRef]

104. Lee, J.-S.; Kim, S.T.; Cao, R.; Choi, N.-S.; Liu, M.; Lee, K.T.; Cho, J. Metal-Air Batteries with High Energy Density: Li–air Versus
Zn-Air. Adv. Energy Mater. 2011, 1, 34–50. [CrossRef]

105. Chen, D.; Li, Y.; Zhang, X.; Hu, S.; Yu, Y. Investigation of the discharging behaviors of different doped silicon nanowires in
alkaline Si-air batteries. J. Ind. Eng. Chem. 2022, 112, 271–278. [CrossRef]

106. Gao, Y.; Pan, Z.; Sun, J.; Liu, Z.; Wang, J. High-Energy Batteries: Beyond Lithium-Ion and Their Long Road to Commercialisation.
Nano-Micro Lett. 2022, 14, 94. [CrossRef]

107. Yu, Y.; Gao, S.; Hu, S. Si modified by Zn and Fe as anodes in Si-air batteries with ameliorative properties. J. Alloys Compd. 2021,
883, 160902. [CrossRef]

103



Batteries 2023, 9, 109

108. Li, F.; Zhao, J. Atomic Sulfur Anchored on Silicene, Phosphorene, and Borophene for Excellent Cycle Performance of Li–S Batteries.
ACS Appl. Mater. Interfaces 2017, 9, 42836–42844. [CrossRef]

109. Li, F.; Liu, Q.; Hu, J.; Feng, Y.; He, P.; Ma, J. Recent advances in cathode materials for rechargeable lithium-sulfur batteries.
Nanoscale 2019, 11, 15418–15439. [CrossRef]

110. Song, Y.; Cai, W.; Kong, L.; Cai, J.; Zhang, Q.; Sun, J. Rationalizing Electrocatalysis of Li–S Chemistry by Mediator Design:
Progress and Prospects. Adv. Energy Mater. 2019, 10, 1901075. [CrossRef]

111. Ye, H.; Li, M.; Liu, T.; Li, Y.; Lu, J. Activating Li2S as the Lithium-Containing Cathode in Lithium–Sulfur Batteries. ACS Energy
Lett. 2020, 5, 2234–2245. [CrossRef]

112. Li, W.; Li, S.; Bernussi, A.A.; Fan, Z. 3-D Edge-Oriented Electrocatalytic NiCo2S4 Nanoflakes on Vertical Graphene for Li–S
Batteries. Energy Mater. Adv. 2021, 2021, 2712391. [CrossRef]

113. Song, Y.; Zhao, W.; Kong, L.; Zhang, L.; Zhu, X.; Shao, Y.; Ding, F.; Zhang, Q.; Sun, J.; Liu, Z. Synchronous immobilization and
conversion of polysulfides on a VO2–VN binary host targeting high sulfur load Li–S batteries. Energy Environ. Sci. 2018, 11,
2620–2630. [CrossRef]

114. Li, S.; Leng, D.; Li, W.; Qie, L.; Dong, Z.; Cheng, Z.; Fan, Z. Recent progress in developing Li2S cathodes for Li–S batteries. Energy
Storage Mater. 2020, 27, 279–296. [CrossRef]

115. Wu, T.; Yang, T.; Zhang, J.; Zheng, X.; Liu, K.; Wang, C.; Chen, M. CoB and BN composites enabling integrated adsorption/catalysis
to polysulfides for inhibiting shuttle-effect in Li–S batteries. J. Energy Chem. 2021, 59, 220–228. [CrossRef]

116. Kim, Y.; Noh, Y.; Bae, J.; Ahn, H.; Kim, M.; Kim, W.B. N-doped carbon-embedded TiN nanowires as a multifunctional separator
for Li–S batteries with enhanced rate capability and cycle stability. J. Energy Chem. 2021, 57, 10–18. [CrossRef]

117. Zhou, J.; Yang, X.; Zhang, Y.; Jia, J.; He, X.; Yu, L.; Pan, Y.; Liao, J.; Sun, M.; He, J. Interconnected NiCo2O4 nanosheet arrays grown
on carbon cloth as a host, adsorber and catalyst for sulfur species enabling high-performance Li–S batteries. Nanoscale Adv. 2021,
3, 1690–1698. [CrossRef]

118. Pan, Z.; Brett, D.J.L.; He, G.; Parkin, I.P. Progress and Perspectives of Organosulfur for Lithium–Sulfur Batteries. Adv. Energy
Mater. 2022, 12, 2103483. [CrossRef]

119. Song, Y.; Zhao, W.; Wei, N.; Zhang, L.; Ding, F.; Liu, Z.; Sun, J. In-situ PECVD-enabled graphene-V2O3 hybrid host for lithium–
sulfur batteries. Nano Energy 2018, 53, 432–439. [CrossRef]

120. Song, Y.; Zhao, S.; Chen, Y.; Cai, J.; Li, J.; Yang, Q.; Sun, J.; Liu, Z. Enhanced Sulfur Redox and Polysulfide Regulation via Porous
VN-Modified Separator for Li–S Batteries. ACS Appl. Mater. Interfaces 2019, 11, 5687–5694. [CrossRef]

121. Bonnett, B.L.; Smith, E.D.; Garza, M.D.L.; Cai, M.; Haag, J.V.; Serrano, J.M.; Cornell, H.D.; Gibbons, B.; Martin, S.M.; Morris, A.J.
PCN-222 Metal-Organic Framework Nanoparticles with Tunable Pore Size for Nanocomposite Reverse Osmosis Membranes.
ACS Appl. Mater. Interfaces 2020, 12, 15765–15773. [CrossRef]

122. Gong, X.; Gnanasekaran, K.; Chen, Z.; Robison, L.; Wasson, M.C.; Bentz, K.C.; Cohen, S.M.; Farha, O.K.; Gianneschi, N.C. Insights
into the Structure and Dynamics of Metal-Organic Frameworks Via Transmission Electron Microscopy. J. Am. Chem. Soc. 2020,
142, 17224–17235. [CrossRef]

123. Saroha, R.; Oh, J.H.; Seon, Y.H.; Kang, Y.C.; Lee, J.S.; Jeong, D.W.; Cho, J.S. Freestanding interlayers for Li–S batteries: Design and
synthesis of hierarchically porous N-doped C nanofibers comprising vanadium nitride quantum dots and MOF-derived hollow
N-doped C nanocages. J. Mater. Chem. A 2021, 9, 11651–11664. [CrossRef]

124. Feng, Y.; Wang, G.; Kang, W.; Deng, N.; Cheng, B. Taming polysulfides and facilitating lithium-ion migration: Novel electrospin-
ning MOFs@PVDF-based composite separator with spiderweb-like structure for Li–S batteries. Electrochim. Acta 2021, 365, 137344.
[CrossRef]

125. Li, F.; Zhang, X.; Liu, X.; Zhao, M. Novel Conductive Metal-Organic Framework for a High-Performance Lithium-Sulfur Battery
Host: 2D Cu-Benzenehexathial (BHT). ACS Appl. Mater. Interfaces 2018, 10, 15012–15020. [CrossRef]

126. Asadi, M.; Sayahpour, B.; Abbasi, P.; Ngo, A.T.; Karis, K.; Jokisaari, J.R.; Liu, C.; Narayanan, B.; Gerard, M.; Yasaei, P.; et al. A
lithium-oxygen battery with a long cycle life in an air-like atmosphere. Nature 2018, 555, 502–506. [CrossRef]

127. Balaish, M.; Jung, J.-W.; Kim, I.-D.; Ein-Eli, Y. A Critical Review on Functionalization of Air-Cathodes for Nonaqueous Li–O2
Batteries. Adv. Funct. Mater. 2019, 30, 1808303. [CrossRef]

128. Majidi, L.; Yasaei, P.; Warburton, R.E.; Fuladi, S.; Cavin, J.; Hu, X.; Hemmat, Z.; Cho, S.B.; Abbasi, P.; Voros, M.; et al. New Class of
Electrocatalysts Based on 2D Transition Metal Dichalcogenides in Ionic Liquid. Adv. Mater. 2019, 31, 1804453. [CrossRef]

129. Majidi, L.; Hemmat, Z.; Warburton, R.E.; Kumar, K.; Ahmadiparidari, A.; Hong, L.; Guo, J.; Zapol, P.; Klie, R.F.; Cabana, J.; et al.
Highly Active Rhenium-, Ruthenium-, and Iridium-Based Dichalcogenide Electrocatalysts for Oxygen Reduction and Oxygen
Evolution Reactions in Aprotic Media. Chem. Mater. 2020, 32, 2764–2773. [CrossRef]

130. Wu, F.; Yu, Y. Toward True Lithium-Air Batteries. Joule 2018, 2, 815–817. [CrossRef]
131. Li, C.; Sun, X.; Yao, Y.; Hong, G. Recent advances of electrically conductive metal-organic frameworks in electrochemical

applications. Mater. Today Nano 2021, 13, 100105. [CrossRef]
132. Dou, J.-H.; Arguilla, M.Q.; Luo, Y.; Li, J.; Zhang, W.; Sun, L.; Mancuso, J.L.; Yang, L.; Chen, T.; Parent, L.R.; et al. Atomically

precise single-crystal structures of electrically conducting 2D metal-organic frameworks. Nat. Mater. 2021, 20, 222–228. [CrossRef]
[PubMed]

133. Liao, X.; Lu, R.; Xia, L.; Liu, Q.; Wang, H.; Zhao, K.; Wang, Z.; Zhao, Y. Density Functional Theory for Electrocatalysis. Energy
Environ. Mater. 2021, 5, 157–185. [CrossRef]

104



Batteries 2023, 9, 109

134. Zhao, T.; Zhang, Y.; Wang, D.; Chen, D.; Zhang, X.; Yu, Y. Graphene-coated Ge as anodes in Ge-air batteries with enhanced
performance. Carbon 2023, 205, 86–96. [CrossRef]

135. Wu, Y.; Li, Z.; Hou, J. A novel two-dimensional main group metal organic framework Ga3C6N6 as a promising anode material for
Li/Na-Ion batteries. Appl. Surf. Sci. 2022, 599, 153958. [CrossRef]

Disclaimer/Publisher’s Note: The statements, opinions and data contained in all publications are solely those of the individual
author(s) and contributor(s) and not of MDPI and/or the editor(s). MDPI and/or the editor(s) disclaim responsibility for any injury to
people or property resulting from any ideas, methods, instructions or products referred to in the content.

105





Citation: Marques, O.J.B.J.; Walter,

M.D.; Timofeeva, E.V.; Segre, C.U.

Effect of Initial Structure on

Performance of High-Entropy Oxide

Anodes for Li-Ion Batteries. Batteries

2023, 9, 115. https://doi.org/

10.3390/batteries9020115

Academic Editor: Atsushi Nagai

Received: 4 January 2023

Revised: 23 January 2023

Accepted: 1 February 2023

Published: 7 February 2023

Copyright: © 2023 by the authors.

Licensee MDPI, Basel, Switzerland.

This article is an open access article

distributed under the terms and

conditions of the Creative Commons

Attribution (CC BY) license (https://

creativecommons.org/licenses/by/

4.0/).

batteries

Article

Effect of Initial Structure on Performance of High-Entropy
Oxide Anodes for Li-Ion Batteries

Otavio J. B. J. Marques 1,†, Michael D. Walter 2, Elena V. Timofeeva 3,4 and Carlo U. Segre 1,2,*,†

1 Department of Mechanical, Materials and Aerospace Engineering, Illinois Institute of Technology,
Chicago, IL 60616, USA

2 Department of Physics and CSRRI, Illinois Institute of Technology, Chicago, IL 60616, USA
3 Department of Chemistry, Illinois Institute of Technology, Chicago, IL 60616, USA
4 Influit Energy, LLC, Chicago, IL 60612, USA
* Correspondence: segre@iit.edu
† These authors contributed equally to this work.

Abstract: Two different high-entropy oxide materials were synthesized and studied as Li-ion battery
anodes. The two materials have the same active metal constituents but different inactive elements
which result in different initial crystalline structures: rock salt for (MgFeCoNiZn)O and spinel for
(TiFeCoNiZn)3O4. Local structural studies of the metal elements in these two materials over extended
electrochemical cycling reveal that the redox processes responsible for the electrode capacity are
independent of the initial crystallographic structure and that the capacity is solely dependent on the
initial random distribution of the metal atoms and the amount of active metals in the starting material.

Keywords: high-entropy oxides; Li-ion batteries; X-ray absorption spectroscopy; local structure

1. Introduction

Due to the increasing demand on portable electronics, electric vehicles, and green grid
solutions, energy storage technologies have received much attention lately. In this scenario,
lithium-ion batteries (LIBs) show great advantages compared to other chemistries, namely
higher power and energy density, cycle life, and reversibility. The low theoretical capacity
of current commercialized negative electrodes for LIBs (i.e., graphite ∼372 mAh/g) and
sluggish Li-ion diffusivity, limits its utilization for high-energy applications [1–5]. Therefore,
the development of new anode materials is crucial for the ever-increasing demand on energy
storage technologies, and conversion-type high-entropy oxides (HEOs) have emerged as
an alternative for next-generation electrodes [6].

HEOs constitute a new class of materials wherein, during high temperature annealing,
the configurational entropy stabilizes a solid solution of five or more transition metals,
overcoming the formation enthalpy of competing individual oxide phases, driving the
Gibbs free energy to its lowest levels and favoring the formation of a single solid solution.
The ability to mix non-soluble components in one entropy-stabilized phase expands the
compositional space of elemental mixtures creating new opportunities for advanced energy
materials discovery and design [5,7–10].

Previous studies on HEOs as anode in LIBs have focused primarily on materials with
a wide variety of elemental combinations forming both the rock salt structure [6,11–13]
and the spinel structure [14–20]. These materials show improved capacities, long cycling
stability and high ionic conductivities, overcoming some expected drawbacks of conversion-
type metal oxide electrodes, such as particle pulverization and fast capacity fading [21].
The key to advanced performance seems to be multiple elements having different roles in
the electrochemical reaction, displaying a synergetic storage behavior, and attenuating the
volume changes in the electrode. Some of the transition metals (i.e., Zn and Co) present
in conversion-type HEO electrodes act as electrochemically active species contributing to
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the storage capacity, with complete reduction to their metallic state during the lithiation
reaction. Others (i.e., Mg, Cu) provide structural stability, contributing to the long cycle
life. Adding electrochemically inactive elements to HEO composition (i.e., MgO), is also an
effective method to prevent pulverization and agglomeration of active domains.

A still unanswered question is whether the initial structure, rock salt or spinel, provides
advantages to a Li-ion HEO electrode in terms of capacity, rate performance and cycle
lifetime. In order to probe these effects, in this study, we have prepared two new HEO
compounds, (MgFeCoNiZn)O and (TiFeCoNiZn)3O4 and investigated their local structure
and conversion mechanism using X-ray Absorption Spectroscopy (XAS).

2. Materials and Methods

Two HEO compositions (MgFeCoNiZn)O and (TiFeCoNiZn)3O4, were prepared from
equimolar amounts of the monoxide precursors according to their respective compositions.
The purity of the precursors were: MgO (Alfa Aesar, Haverhill, MA, USA, 99.95%), TiO
(Sigma Aldrich, St. Louis, MO, USA, 99.9%), Fe2O3 (Nanoamor, Houston, TX, USA, >99%)
CoO (Thermo Fisher, Waltham, MA, USA, 99.995%), NiO (Alfa Aesar, 99.998%), and ZnO
(Alfa Aesar, 99.999%). Both samples were prepared using a similar route. First, equimolar
metal amounts of the oxides were mixed by ball milling (SPEX 8000, Metuchen, NJ, USA)
for 1 h using a 4:1 ratio of 1/4′′ diameter stainless steel balls to sample. The resulting mate-
rial was pelletized in 0.5 g batches, sintered for 2 h with an initial heating rate of 10 ◦C/min,
and quenched to room temperature in air. The (MgFeCoNiZn)O sample was sintered at
1300 ◦C while the (TiFeCoNiZn)3O4 sample at 1600 ◦C. The difference in temperature is
related to the presence of a secondary phase in the (TiFeCoNiZn)3O4 sample, which was
eliminated only at 1600 ◦C. Both high-entropy products were again ball milled for 30 min
using a 10:1 ratio of balls to sample and sieved using a 500-mesh sieve (<25 μm) to result
in a nanostructured powder. The crystal structures of the sintered and nanostructured
samples were analyzed by powder X-ray diffraction (XRD; Bruker AXS, Madison, WI, USA,
D2 Phaser, Cu Kα radiation) from 10 to 80 degrees 2θ. The resulting powder patterns were
fitted by Pawley refinement using GSAS-II [22]. The particle morphology and elemental
composition were analyzed by scanning electron microscopy (SEM; JEOL JSM-IT500HR,
Akishima, JP) equipped with an energy dispersive X-ray spectrometer (EDS; Oxford Instru-
ments Ultim-Max, Abingdon, UK).

The nanostructured (MgFeCoNiZn)O and (TiFeCoNiZn)3O4 were tested as anodes
in Li-ion batteries using a half-cell configuration. Electrodes were prepared by mixing
active materials, carbon black and polyvinylidene fluoride (PVDF) in 70:20:10 wt.% pro-
portions dispersed in N-Methyl-2-pyrrolidone (NMP). The resulting slurry was casted
on Cu foil using a doctor blade, dried at 30 °C for 24 h at ambient conditions and cold
rolled. CR2032 coin cells were assembled in an Ar-filled glovebox using metallic Li as a
counter electrode. Celgard 2325 (25 μm) and LiPF6 (3:7 EC:EMC 1M LIPASTE) were used
as separator and electrolyte, respectively. The specific capacity and cycling stability of both
compounds were tested by room temperature (∼25 ◦C) galvanostatic cycling of the cells
using a BTS400 battery cycler (Neware, Shenzhen, China), at varying current densities
(50 mA/g, 100 mA/g, 200 mA/g, 500 mA/g). Cyclic voltammetry was performed using
an EZstat-Pro potentiostat (Nuvant Systems, Crown Point, IN, USA) at a series of sweep
rates (0.2 mV/sC, 0.5 mV/sC, 0.8 mV/sC, 1 mV/sC, 1.2 mV/sC, 1.5 mV/s, 1.8 mV/sC,
2 mV/sC, 2.5 mV/sC, and 3 mV/sC).

Ex situ XAS measurements were taken on both electrode materials at different charg-
ing and cycle states: uncycled, 1st lithiated and delithiated states, and 100th lithiated
and delithiated. The electrodes were extracted from the cells in an argon-filled glovebox,
cleaned with DMC (dimethyl carbonate), and protected by Kapton tape. In order to prevent
oxidation during transport and measurement, the lithiated electrodes were additionally
vacuum sealed in polyethylene and removed from the glovebox shortly before measure-
ment. Ti, Fe, Co, Ni, and Zn K-edges were measured in fluorescence mode at the Sector
10, 10-BM beamline of the Materials Research Collaborative Access Team (MRCAT) at the
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Advanced Photon Source, Argonne National Laboratory [23]. The resulting X-ray Near
Edge Structure (XANES) and Extended X-ray Absorption Fine Structure (EXAFS) data were
analyzed using the IFEFFIT-based Athena and Artemis software packages [24,25].

3. Results and Discussion

3.1. Structural Characterization

Figure 1a,c show the XRD results of the sintered and nanostructured (figure inset)
high-entropy oxides. The (MgFeCoNiZn)O and (TiFeCoNiZn)3O4, hereafter called HEOR
and HEOS, can be indexed as cubic rock salt (Fm-3m) and spinel (Fd-3m) structures, re-
spectively. Both materials remain single-phase after the nanostructuring step. The lattice
parameters calculated from the Pawley refinement remain the same after the final nanos-
tructuring, aHEOR = 4.23 ± 0.01 Å and aHEOS = 8.41 ± 0.01 Å. These lattice parameters fall
in the middle of those of reference compounds of the individual elements or combinations
thereof (Table S2). The average crystallite size extracted from the Pawley refinement is
approximately 150 nm for both nanostructured materials. The SEM images (Figure 1b,d)
show an average particle of ∼1 μm after nanostructuring, indicating that the typical par-
ticle contains many crystallites. The elemental mapping confirms that all the metals are
distributed uniformly throughout the particles. In the rock salt structure, the metals share
the same octahedrally-coordinated lattice site. In the spinel case, there are two available
positions for the metals, one tetrahedral and one octahedral. Each metal’s choice of lattice
position is driven primarily by the crystal field stabilization, which is very difficult to
predict in this case [26]. Due to the effect of entropy stabilization, it is likely that the metals
are mixed in between both positions.

Figure 1. X-ray powder diffraction data (black), Pawley refinement (red) and their difference (blue) for
(a) HEOR and (c) HEOS samples before nanostructuring. The inset images show the nanostructured
materials after the final ball milling. SEM images and elemental mapping for typical particles
(b) HEOR and (d) HEOS after nanostructuring.

3.2. Electrochemical Characterization

It is expected that Fe, Co, Ni, and Zn act as electrochemically active species in the
reaction, being reduced to their metallic state. For the HEOR, all the metals start in

109



Batteries 2023, 9, 115

an average state of +2 due to the rock salt structure, and the reactions Fe+2 → Fe0,
Co+2 → Co0, Ni+2 → Ni0, Zn+2 → Zn0 can deliver up to 625 mAh/g, in theory. The
HEOS, on the other hand, has a mixture of oxidation states, with twice as many octahedral
sites as tetrahedral sites. Considering the same active species, and depending on whether
Ti is in the +4 or +3 state, the compound can deliver between 636 mAh/g and 704 mAh/g
of theoretical capacity. Mg, in the HEOR, and Ti, in the HEOS, are expected to act as
structure formers and do not participate directly in the electrochemical conversion reaction.
Although the spinel structure has more oxygen and higher molecular weight per mole
of metal ions than the rock salt, it can also contribute more electrons to the conversion
reaction, contributing to a higher theoretical capacity.

Experimentally, the initial specific capacity of the HEOR (Figure 2a) reaches 575 mAh/g,
while the highest capacity for HEOS has a specific capacity of 478 mAh/g at 50 mA/g current
density. For both materials, the capacity decreases with increasing current density reaching
304 mAh/g and 246 mAh/g, respectively, at a current density of 500 mA/g. Long-term
cycling has been carried out at 100 mA/g current density, where similar patterns were
observed on both materials—capacity faded slowly reaching a minimum values of 350 and
275 mAh/g at around 80 cycles followed by an increase in capacity with maximum at
150 cycles, hitting 410 mAh/g and 320 mAh/g, and then slowly decreasing again, reaching
360 mAh/g and 320 mAh/g after 300 cycles. The gradual increase in capacity between
cycle 80 and 150 is commonly observed in conversion anodes made with simple metal
oxides and the high entropy oxides. The effect is attributed by various authors to different
causes. Lin et al. [27] consider the increase as due to an activation process associated with
size refinement of the crystallites during conversion while Zhang et al. [28] claim that
the electrode undergoes a reorganization that increases the kinetics and capacity of the
conversion reaction while reducing the potential. A third possibility is that repeated cycling
serves to refine the metal nanoparticle nanostructure and increase the pseudocapacitive
portion of the overall capacity suggested by Chen et al. [29]. The HEOS shows remarkable
stability after reaching steady value at ∼150 cycles and maintaining average capacity of
320 mAh/g until the end of the cycling routine. The difference in specific capacity between
the HEOR and HEOS decreases with increasing cycling rate, changing from ∼117 mAh/g
at 50 mA/g to ∼58 mAh/g at 500 mA/g, showing a better response of the HEOS at higher
charging/discharging current densities. This could be due to a difference in conductivity of
the HEOR and HEOS electrodes due to the inactive metals, MgO and TiO2, respectively.

Figure 2. Electrochemical performance of HEOR (blue) and HEOS (green) by (a) galvanostatic cycling
at different cycling rates averaged over four cells with close-up of cycles 1–50 in the inset and (b) the
voltage profile of first (solid) and second (dashed) cycles.

Figure 2b shows the voltage profile of HEOR and HEOS for the first two cycles. Both
electrodes behave similarly, having a huge drop of specific capacity during the 1st cycle,
but maintaining the characteristic features of a reversible conversion reaction subsequently.
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During the 1st lithiation, the HEOR reaches a specific capacity of 820 mA/g, while the HEOS
805 mAh/g, both higher than their respective theoretical capacities. This phenomenon is
mainly explained due to the complete electrochemical conversion reaction of active species
and the SEI layer formation on the anode [30]. The 1st delithiation shows an irreversibility
of 61% and 58% for the HEOR and HEOS, reaching a specific capacity of 575 mAh/g and
478 mAh/g, respectively. Both compounds demonstrate similar cell potentials, being 0.7 V
and 0.6 V, for the HEOR and HEOS, during the first cycle, and 1.1 V for both electrodes in the
2nd cycle. The difference in specific capacity during the first lithiation and delithiation, and
the change in reaction potential between the first two cycles, indicate that some of the active
species are not returning to their initial oxidized state upon delithiation. This, along with
the likelihood of SEI formation, results in only partial reversibility of the electrochemical
reaction in the first cycles.

According to the recent reports on high-entropy oxides as LIB anodes, the presence
of metallic species after the conversion reaction can also contribute to a pseudocapacitive
behavior of the electrode [15,16,19]. Cyclic-voltammetry (CV) can be used to characterize
this behavior by using different voltage sweep rates over the same voltage window, and
fitting a logarithmic function to the peak of the sweep currents. This approach can separate
the faradaic and non-faradaic contributions to the reaction by calculating the slope, b,
of the logarithmic plot of peak current vs. sweep rate. Figure 3 shows the CV for the
HEOR (a) and HEOS (b) at different scan rates and the plot of the logarithm of sweep
rate vs. the logarithm of the peak current in the respective insets. Both compounds
have an intermediate behavior between purely diffusive (b = 0.5) and pseudocapacitive
(b = 1). The b coefficient for the lithiation region is 0.72 and 0.71 for the HEOR and HEOS,
respectively, and 0.54 and 0.76 for the delithiation region, respectively. This intermediate
behavior indicates a pseudocapacitive contribution to the storage capacity of the electrodes
that adds capacity to the electrochemical conversion reaction. Still, it is very difficult to
separate the electrochemical contribution of different metals in both compounds, as their
CV shows unique and broad redox peaks at each of the charge/discharge steps.

3.3. X-ray Absorption Spectroscopy Analysis

In the uncycled state, the XANES spectrum for Co (Figures S4 and S8) and Zn
(Figures S6 and S10) are clearly in a +2 state in both HEOR and HEOS when compared
to standard reference compounds. The XANES spectrum for Ni (Figures S5 and S9) are
shifted to slightly higher energies than the Ni+2 (NiO) reference but show the same fine
structure. The Fe edge (Figures S3 and S7) for both HEOR and HEOS is shifted close to the
Fe+3 reference (Fe2O3), with the shape closely resembling that of the Fe3O4 XANES.

The Fourier Transform of the EXAFS for Fe, Co, Ni, and Zn K-edges (Figure 4) shows
the changes in the local structure between the uncycled electrode and the 1st lithiated and
1st delithiated states for both rock salt (HEOR) and spinel (HEOS) compounds. Initially,
all metals in the HEOR show a similar structure (in black), composed of two well-shaped
peaks: peak at 1.5 Å is related to the octahedral oxygen shell around the absorbing cation
position, while the peak at ∼2.6 Å is attributed to the 2nd metallic shell.

The HEOS, on the other hand, has two different sites available for the metallic species,
which makes it more difficult to identify their chemical environment. The A site, on the
AB2O4 spinel structure, is located in a tetrahedral geometry, while the B site is octahedral.
All metals in its composition can exist in either geometry, thus their average coordination
can be expected to be in between 4 and 6. Due to entropy stabilization, all metals are likely
to be randomly and homogeneously distributed on both sites.

During the 1st lithiation, Fe, Co, Ni, and Zn are all reduced to their metallic states as
can be seen by the single peak around 2 Å, which is the metallic local structure signature
(Figure 4). In the 1st delithiated state, Zn and Fe show the highest degree of reversibility
back to an oxidized state as evidenced by re-appearance of the strong metal–oxygen bond
peak at 1.5 Å. Co and Ni show very minor re-oxidation (the shoulder on the short distance
side of the metallic peak). The XANES data for both HEOR and HEOS presented on the
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right side of Figures S3–S10 are consistent with these observations and show the spectra
for the 100th cycle as well. The Ni (Figures S5 and S9) and Co (Figures S4 and S8) edges
shift to the Ni0 and Co0 positions on 1st lithiation show little recovery upon delithiation,
completely losing the white line by the 100th cycle. The Fe (Figures S3 and S7) and Zn
(Figures S6 and S10) show significant changes between lithiated and delithiated states even
to the 100th cycle.

Figure 3. Cyclic voltammetry at different voltage sweep rates: 0.2 darkest shade; 0.5; 0.8; 1.0; 1.2; 1.5;
1.8; 2.0; 2.5, and 3.0 lightest shade mV/sC for (a) HEOR and (b) HEOS. The insets show the linear
fits to the logarithmic plots of peak current and sweep rate for both lithiation (black squares) and
delithiation (red circles) currents.

In order to quantify those changes, EXAFS fits of the local structure are performed for
the 1st and 100th lithiated and delithiated cycles at the Fe, Co, Ni, and Zn edges. The fits
use two paths to model local structure, a TM–O path and a TM–M path, where TM = Fe,
Co, Ni, and Zn and M is a general scattering metal. Ni was chosen as M for the models
as a representative element with the average scattering properties of the TMs in these
compounds. The TM–O paths in the EXAFS fits were calculated using the structural data
obtained from the rock salt and spinel Pawley fits. The spinel structure has two possible
TM–O paths from the tetrahedral and octahedral metal sites; however, only a single path
was needed to fit all the HEOS spectra. The fitting results are presented in Table S3 for
HEOR and Table S4 for HEOS.
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Figure 4. EXAFS spectra in R-space of Fe, Co, Ni, and Zn K-edges for the (a) HEOR and (b) HEOS
electrodes in uncycled (black), 1st lithiated (red), and 1st delithiated states (blue).

3.3.1. TM–Oxygen Model

Figure 5 shows the fit results detailed in Tables S3 and S4 for the TM–oxygen path in
uncycled, 1st lithiated, 1st delithiated, 100th lithiated and 100th delithiated states for Fe, Co,
Ni, and Zn. In the uncycled state, the number of near neighbors for Co and Ni in the HEOR
are close to 6, consistent with an octahedral environment while the Fe and Zn fits give an
oxygen coordination number close to 4, indicating that there could be defect structures
present in the rock salt structure. The calculated bond distances for Co, Ni, and Zn in the
HEOR deviate only slightly from one-half the lattice parameter obtained in the Pawley
refinement. The bond distance for Fe, however, is significantly shorter and consistent with
its 4-fold coordination. For HEOS, the bond length and coordination numbers for Fe and
Zn suggest that they preferentially occupy the tetrahedral sites of the spinel structure, while
Co and Ni sit in the octahedral sites.

During the 1st lithiation the number of oxygens around the Co, Ni, and Zn in the
HEOR decreases to less than one, and Fe-O neighbors are completely absent, evidence
of a reduced environment and destruction of the initial rock salt structure. In the HEOS,
TM–oxygen bonds are absent for all four metals in the 1st lithiated state, which means that
Fe, Co, Ni, and Zn were completely reduced to their metallic state and the spinel structure
is no longer present.

Upon the 1st delithiation, the oxygen neighbors return to all four metals (Fe, Co, Ni,
and Zn) in both HEOR and HEOS compounds. As can be seen from the number of near
neighbors shown in Figure 5, Zn shows a higher degree of re-oxidation and electrochemical
activity followed by Fe, Ni, and Co, in both HEOR and HEOS consistent with the redox
conversion activity decreasing in the order of Zn > Fe > Co > Ni. After 100 cycles, Zn, Fe,
and Co still show some reversibility with the number of TM–O bonds decreasing in the
lithiated state and increasing in the delithiated state. Ni–O bonds completely disappear
in both 100th lithiated and delithated states. TM–O distances fluctuate significantly in the
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initial cycling, consistent with major material restructuring, but remain fairly constant after
extended material cycling.

Figure 5. TM–O K-edge EXAFS fit results for (a) HEOR and (b) HEOS compounds in uncycled, 1st
lithiated, 1st delithiated, 100th lithiated and 100th delithiated states for Fe (black squares), Co (red
circles), Ni (blue triangles), and Zn (magenta inverted triangles).

3.3.2. TM–Metal Model

The EXAFS fit results of the TM–metal path show that, in the 1st lithiation, conversion
of high entropy oxides to metallic Fe, Co, Ni, and Zn occurs to different degrees (Figure 6
and Tables S3 and S4). For both compounds, the respective number of metal near neighbors
seems to follow the same trend. Zn has the largest number of near neighbors of ∼9 and ∼8
for HEOR and HEOS, respectively. On the other hand, Fe has the smallest values, being ∼4
for both the HEOR and HEOS. Co has ∼6.5 metal near neighbors for both HEOR and HEOS
and Ni has ∼6.9 and ∼6.2 metal near neighbors for HEOR and HEOS, respectively, which
are average between the Zn and Fe values. At 1st delithiation, the conversion redox activity
of metals decreases in the series Zn > Fe > Co > Ni and the number of metal near neighbors
of Ni is unchanged. For both HEOR and HEOS, the Zn–M bond completely disappears
even at the 100th delithiation, showing the remarkable reversibility of Zn conversion in
these compounds. Fe–M bonds are still present in both 1st and 100th delithiated states,
indicating incomplete conversion, but the number of nearest neighbors decreases from ∼4
to ∼1.4 and ∼1.8 for HEOR and HEOS, respectively, with modest growth in near neighbor
numbers by the 100th cycle. Co and Ni show only small changes in the number of metal
near neighbors on delithiation, but the total number of TM–M near neighbors grows by the
100th cycle to ∼7.5 for Co and ∼10.5 for Ni. It should be noted that this general increase in
the number of TM–M near neighbors in both materials after 100 cycles is consistent with
the observed decrease in TM–O bonds.
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Figure 6. TM–M K-edge EXAFS fit results for (a) HEOR and (b) HEOS compounds in uncycled, 1st
lithiated, 1st delithiated, 100th lithiated and 100th delithiated states for Fe (black squares), Co (red
circles), Ni (blue triangles), and Zn (magenta inverted triangles).

These results suggest that the structure of both HEOR and HEOS after the initial
lithiation is very similar and consists of slowly growing metal nanoparticles containing
primarily Ni and Co but, with some Fe, and a significant amount of the Fe and all of the
Zn participating in redox reactions all the way through the 100th cycle. While the Mg in
HEOR cannot be probed with XAS, the Ti K-edge in HEOS is accessible and can provide
clues as to the role of these two presumably inactive metals.

3.3.3. Titanium K-Edge in the HEOS Electrode

In comparison to Ti reference standards, the position of the Ti K-edge XANES suggests
that Ti is initially close to a +4 state, but with a shape similar to that of the TiO rock salt
standard (Figure 7). As the electrodes are cycled, the shape and position of the Ti XANES
remain substantially unchanged, although some of the fine structure features visible initially
are smoothed out by the 100th cycle. The Fourier Transform of the Ti EXAFS (Figure S19)
is consistent with the Ti remaining in an oxidized state throughout the cycling, albeit
with broadening and attenuation of both the first shell Ti–O and Ti–M peaks. The first
shell EXAFS fit to a Ti–O path (Table S5) is consistent, despite large estimated standard
deviations, with 6-fold coordination of Ti throughout the cycling [31]. Like the Mg in
HEOR, Ti in HEOS clearly has a structure forming role which keeps the metal nanoparticles
appearing during the conversion process isolated, slowing their growth, and prolonging
the cycle life of the electrode.
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Figure 7. Ti K-edge XANES for uncycled HEOS electrode (black) compared to (a) standard reference
samples Ti (green), TiO (orange), Ti2O3 (brown) and TiO2 (magenta); and (b) electrodes at various
states of cycle and charge: 1st lithiation (solid red), 1st delithiation (solid blue), 100th lithiation
(dashed red), and 100th delithiation (dashed blue).

4. Conclusions

The XANES and EXAFS local structural analysis reveals that the active elements, Fe,
Co, Ni, and Zn behave in substantially identical ways for both HEOR and HEOS. Co and
Ni form metallic nanoparticles that grow slowly over cycling time, Fe and Zn continue to
be redox active in the conversion process throughout the 100 cycles observed with Zn being
fully reduced and re-oxidized each cycle. Mg and Ti do not participate in the electrochemical
reaction but fulfill a critical role in maintaining structural integrity of the electrode, ionic
conductivity for Li+, and separation of the metal nanoclusters and thus slowing capacity
fade. The cycling performance of the HEOR and HEOS electrodes are substantially the
same for the 300 cycles investigated with a slight difference in specific capacity (Figure 2a).
This difference all but vanishes by noting that HEOR has a single mole oxygen per mole of
metal atoms while HEOS has 1.33 moles of oxygen per mole of metal atoms. If the specific
capacity is recalculated in terms of molar capacity, the maximum capacities at the 175th
cycle are 25.2 ± 0.6 Ah/mol for HEOR and 24.8 ± 1.6 Ah/mol for HEOS (Figure S20). This
provides additional evidence that the initial long-range crystallographic structure of an
entropy-stabilized oxide conversion anode is not as important for the redox mechanism
and ultimate cycling performance of the material. Rather, the critical components for the
superior performance compared to single element metal oxides are the amount of active
metal ions in the mixture and the initial random spatial distribution of the metal ions
resulting from entropy-stabilization.

Supplementary Materials: The following supporting information can be downloaded at:
https://www.mdpi.com/article/10.3390/batteries9020115/s1, Figure S1: Rock-salt and spinel struc-
tures; Figure S2: Comparison of cyclic voltammetry; Figures S3–S10: Fe, Co, Ni, and Zn XANES
spectra of HEOR and HEOS electrodes; Figures S11–S18: Fe, Co, Ni, and Zn EXAFS fits for HEOR
and HEOS electrodes; Figure S19: Ti EXAFS spectra of HEOS electrodes; Figure S20: Specific molar
capacity for HEOR and HEOS; Table S1: Details of Pawley refinements; Table S2: Comparison of
HEOR and HEOS lattice parameters with isostructural compounds including References [32–39];
Table S3: Fe, Co, Ni, and Zn edge EXAFS fit results for HEOR electrodes; Table S4: Fe, Co, Ni, and Zn
edge EXAFS fits for HEOS electrodes; Table S5: Ti edge EXAFS fits for HEOS electrodes.
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Abstract: An easy and scalable synthetic route was proposed for synthesis of a high-energy sta-
ble anode material composed of carbon-coated Si nanoparticles (NPs, 80 nm) confined in a three-
dimensional (3D) network-structured conductive carbon nanotube (CNT) matrix (Si/CNT@C). The
Si/CNT@C composite was fabricated via in situ polymerization of resorcinol formaldehyde (RF)
resin in the co-existence of Si NPs and CNTs, followed by carbonization at 700 ◦C. The RF resin-
derived carbon shell (~10 nm) was wrapped on the Si NPs and CNTs surface, welding the Si NPs
to the sidewall of the interconnected CNTs matrix to avoid Si NP agglomeration. The unique 3D
architecture provides a highway for Li+ ion diffusion and electron transportation to allow the fast
lithiation/delithiation of the Si NPs; buffers the volume fluctuation of Si NPs; and stabilizes solid–
electrolyte interphase film. As expected, the obtained Si/CNT@C hybrid exhibited excellent lithium
storage performances. An initial discharge capacity of 1925 mAh g−1 was achieved at 0.1 A g−1

and retained as 1106 mAh g−1 after 200 cycles at 0.1 A g−1. The reversible capacity was retained
at 827 mAh g−1 when the current density was increased to 1 A g−1. The Si/CNT@C possessed a
high Si content of 62.8 wt%, facilitating its commercial application. Accordingly, this work provides a
promising exploration of Si-based anode materials for high-energy stable lithium-ion batteries.

Keywords: lithium-ion batteries; silicon/carbon anode; carbon nanotubes; in situ polymerization;
carbon coating

1. Introduction

Lithium-ion batteries (LIBs) are widely applied to power sources for portable electronic
equipment, power tools, electric vehicles, and even grid-scale energy storage systems [1–3].
Advanced LIBs with high energy density, high power density, and long cycle life are
urgently needed to cater to the escalating energy density/power demands of the ever-
developing portable electronic equipment and electric vehicles [4,5]. As the most successful
anode material for current commercial LIBs, graphite materials are approaching their capac-
ity limits and show limited application prospects in next-generation LIBs due to their rela-
tively low theoretical capacity of ~372 mAh g−1 [6,7]. To significantly improve the energy
density and power density, extensive research has focused on developing next-generation
anode materials, including alloy-based anode materials (Si-based [8,9], Sn-based [10,11],
Ge-based [12], etc.), transition metal compounds (oxides [13], sulfide [14], etc.) and metal–
organic frameworks (MOFs) and their derivatives [15]. Among all the candidates, silicon
(Si) is considered a promising alternative for the currently employed graphite, as Si pos-
sesses the highest theoretical capacity (4200 mAh g−1 for Li22Si5 at 415 ◦C; 3579 mAh g−1
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for Li15Si4 at room temperature) and relatively low lithium storage potential range (<0.4 V
vs. Li/Li+) [5,16,17].

However, extreme volume expansion/contraction (∼300%) in the lithiation/delithiation
process can cause Si particle pulverization, electrical contact deterioration, and solid–
electrolyte interphase (SEI) instability, which further causes fast capacity decay and low
Coulombic efficiency [8,18,19]. In addition, Si shows poor intrinsic electron conductivity,
resulting in sluggish electrochemical kinetics and severely limiting the cycle life of the Si-
based batteries [9,20]. To date, various strategies have been explored to develop the superior
Si-based electrode materials, including the construction of Si nanostructures [21,22], porous
Si [23–25], surface coating of protective layers [26–28], Si-based composites [17,29–31], SiOx-
based materials [32–34], and new electrode binders [35–39]. Of these, nano-Si materials
have been shown to effectively relax the mechanical stress and strain on the electrode
during volume fluctuation, avoiding cracking or pulverization of their structures, thereby
significantly improving Coulombic efficiency and cyclability [30,40]. In this esteem, Si
thin-film [2], Si nanowire [41], Si nanotube [21], and Si with nanoporous structure [42]
have been extensively studied to improve the electrochemical performance of Si anodes.
However, several challenges remain to be overcome in Si-based materials as anode material
of LIBs. Firstly, nano-Si materials show a high specific surface area, leading to excessive
formation of unstable SEI film and severe electrolyte decomposition [43]. Secondly, the
repeated cracking/regeneration of the SEI films remains difficult to address [44]. Thirdly,
Si nanoparticles (NPs) prefer to agglomerate due to their high surface energy, which makes
it difficult to disperse Si NPs uniformly in the LIB electrode [45]. These challenges restrict
the practical application of nano-Si anode materials.

To tackle the aforementioned problems, one of the most favorable strategies is to
construct unique microstructures of Si/carbon (Si/C) composites, due to which carbon
materials have the advantages of conductivity, structural stability, low cost, and ease of
preparation [6,9]. The introduction of carbon can effectively enhance the rate capability and
cycling performance of the Si anode. In this regard, various carbon materials such as porous
carbon [46,47], carbon nanotubes (CNTs) [48,49], graphite [50,51], and graphene [52–54],
have been composited with nano-Si to improve the cycling stability and rate capability of
LIBs. The cross-linked CNT framework with high conductivity and mechanical flexibility
can provide an electrically conductive pathway and accommodate the expansion of Si
NPs [55]. Additionally, carbon coating, which aims to encapsulate Si NPs with carbon layers
on their surface, can facilitate both the formation of stable SEI film and the enhancement
of electronic conductivity [56]. Thus, ternary Si-based composites, which integrate Si
NPs, carbon coating, and CNTs, have been constructed to produce voids between carbon
shells, thereby buffering the volume change and enhancing high electrical conductivity.
For example, An et al. [57] reported a three-dimensional (3D) hierarchical nano Si@C/CNT
composite prepared via a self-electrostatic route, which exhibited high reversible capacity
and outstanding rate performance when it was used as an anode material for LIBs. After
enduring 1000 cycles at 0.5 C, it retained a high capacity of 989.5 mAh g−1 with high
capacity retention of 86.6%. Zhang et al. [55] synthesized a Si/CNTs@(S)-C composite
using spray-drying methods. The Si/CNTs@(S)-C composite delivered a high capacity
of 943 mAh g−1 at a 0.2 C rate after 1000 cycles. Unfortunately, the recent reports on a
Si-based anode usually contained a relatively low Si mass content to ensure their cycle
stability, which weakens the high capacity superiority in commercial LIBs. Fabricating
ternary Si/C/CNT composites with high Si content for next-generation LIBs via a low-cost
and scalable route remains a significant challenge.

In this study, a 3D network structured Si/CNT@C composite anode material com-
posed of Si NPs anchored on a conductive CNT matrix assisted by carbon coating, was
designed and fabricated via a low-cost and scalable route for high-energy stable lithium-ion
batteries. In situ resorcinol formaldehyde (RF) resin polymerization was carried out in the
co-existence of Si NPs and CNTs. Through carbonization at 700 ◦C under N2 atmosphere,
the resulting Si/CNT@RF resin composite was transformed into Si/CNT@C composite.
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The RF resin-derived carbon can act as an adhesive medium to weld Si NPs on the sidewall
of CNTs, resulting in a stable 3D porous structure. Thus, the Si/CNT@C composite showed
the advantages of buffering the volume fluctuation, restraining the agglomeration, facili-
tating fast ion/electron transportation, and stabilizing the SEI film. This unique material
design enables the Si/CNT@C composite to deliver a high reversible 1106 mAh g−1 after
200 cycles at 0.1 A g−1. The present work provides a facile and scalable strategy to construct
the Si-based materials with high lithium storage capacity and excellent cycle stability.

2. Experimental Section

2.1. Chemicals and Reagents

All the chemicals were analytically pure and were used as received. Si powder with a
particle size of 50~100 nm was purchased from Shanghai Pantian Powder Material Co., Ltd.
(Shanghai, China). CNTs with an outer diameter of ~50 nm were purchased from Chengdu
Organic Chemistry Co., Ltd. (Chengdu, China).

2.2. Material Preparation
2.2.1. Pretreatment of Si NPs and CNTs

The Si NPs were first pretreated in a mixed solution of ammonia (25 wt%), hydrogen
peroxide (30 wt%), and deionized water with a volume ratio of 1:1:5 at 80 ◦C for 1 h under
magnetic stirring. The pretreated Si NPs were collected via filtration, washed with distilled
water, and dried in an oven at 60 ◦C for 12 h.

The CNTs were pretreated via refluxing in concentrated nitric acid for 6 h. After reflux,
the oxidized CNTs were obtained via filtration, washed with deionized water, and finally
dried in an oven at 60 ◦C for 12 h.

2.2.2. Preparation of Si/CNT@RF Resin Composites

For typical preparation, 0.3 g of pretreated Si NPs and 0.92 g of CTAB were ultrasoni-
cally dispersed into 28 mL deionized water for 30 min to form a homogeneous suspension.
Then, ethanol (11 mL), resorcinol (0.28 g), ammonia (0.1 mL, 25 wt%), and pretreated CNTs
(33.3 mg) were added and sonicated at room temperature for 30 min. Thirdly, 0.4 mL
formaldehyde (37~40 wt%) was added to the homogeneous suspension. The in situ poly-
merization of RF resin was achieved through continuous stirring at 35 ◦C for 6 h and
aging at room temperature for 12 h. Finally, the Si/CNT@RF resin composite was ob-
tained via filtration, washed with deionized water and ethanol, and dried in an oven at
60 ◦C overnight.

2.2.3. Preparation of Si/CNT@C Composites

As for the preparation of the Si/CNT@C composite, the as-prepared Si/CNT@RF
resin composite was heated under a N2 atmosphere at 700 ◦C for 3 h with a heating rate of
2 ◦C/min. Afterward, the tubular furnace was cooled naturally to room temperature. For
comparison, the Si@C composite was also prepared with the same preparation process as
the Si/CNT@C composite, but without adding CNTs in the in situ polymerization process.

2.3. Material Characterization

The crystal structures were determined via X-ray diffraction (XRD, Bruker D8 Advance,
using Cu Kα) at a scan rate of 5 ◦C min−1. The morphologies were characterized by field-
emission scanning electron microscopy (FE-SEM, JEOL JSM-7001F). Transmission electron
microscopy (TEM, JEOL JEM-2100) was employed to characterize the microstructures. The
weight contents of Si NPs in composites were determined by thermogravimetric analysis
under an air atmosphere (TGA, STA 449) with a heating rate of 10 ◦C min−1. Raman
spectra were performed on a Raman spectrometer system (HORIBA Scientific LabRAM
HR Evolution) with an excitation wavelength of 532 nm. X-ray photoelectron spectroscopy
(XPS) of the powders was performed using an ESCALAB-250Xi with Al Kα radiation.
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2.4. Electrochemical Characterization

The Si electrode, Si@C electrode and Si/CNT@C electrode were prepared via the same
process with the bare Si power, Si@C, and Si/CNT@C as active materials, respectively. The
electrode slurry was made by mixing the active material, conductive agent (Super P), and
binder in a mass ratio of 8:1:1 with deionized water as a solvent. The binder was composed
of styrene-butadiene rubber (SBR) and carboxymethyl cellulose (CMC) with a mass ratio of
3:2. The electrode slurry was pasted on copper foil using an automatic coating machine and
vacuum dried at 120 ◦C for 8 h. The coating thickness of the slurry was set as 100 μm for the
Si, Si@C and Si/CNT@C electrodes, resulting in comparable mass loading and thickness for
all three kinds of electrodes. The obtained electrode film was punched into disc electrodes
with a diameter of 14 mm and pressed under 15 MPa. Based on the mass loading of the
Si/CNT@C electrode (~0.65 mg cm−1), the mass content of active material (80%), and the
bare Si mass ratio in the Si/CNT@C composite (62.8%), the mass loading of bare Si NPs for
the Si/CNT@C electrode can be calculated as ~0.65 × 80% × 62.8% = ~0.33 mg cm−1.

Electrochemical measurements were conducted at room temperature on CR2016 coin-
type cells, which were fabricated in an argon-filled glove box (MB-10-G, MBRAUN).
Lithium metal was used as the counter/reference electrode, Celgard 2400 membrane
as the separator, and 1 M LiPF6 in a 1:1:1 (volume ratio) mixture of ethylene carbonate (EC),
dimethyl carbonate (DMC), and ethyl methyl carbonate (EMC) as the electrolyte solution.
Cyclic voltammetry (CV) tests were carried out on a CHI 660E electrochemical worksta-
tion at a scanning rate of 0.1 mV s−1 between 1.5 and 0.01 V (vs. Li+/Li). Galvanostatic
charge/discharge (GCD) tests were performed at a cell voltage of 1.5–0.01 V (vs. Li+/Li)
on a Neware CT-4008T battery tester at different current rates. The GCD test currents was
calculated based on the total mass active material. The specific capacity was obtained from
Cm = It/m, where I represents the charge/discharge current (A); t is the charge/discharge
time (s), and m is the total mass of the active material (g). As for the si/CNT@C electrode,
the total mass of active material includes the carbon coating shell, CNT matrix, and Si NPs
of the composite. Electrochemical impedance spectroscopy (EIS) tests were performed on a
CHI 660E electrochemical workstation using newly installed coin-type cells (discharged
state). The frequency range and voltage amplitude were 105~0.01 Hz and 5 mV, respectively.

3. Results and Discussions

3.1. Morphology, Microstructure and Crystalline Phase Studies

As illustrated in Figure 1a, the Si/CNT@RF resin composite was prepared through in
situ polymerization of RF resin in the co-existence of the pretreated Si NPs and CNTs. The
hydrophilic treated Si NPs exhibited plenty of Si-O-H surface functional groups after being
dissolved in the water–ethanol–ammonia solution [58], while the acid-treated CNTs also
possessed rich surface oxygen functional groups [59]. There is a strong hydrogen bonding
force between the surface oxygen functional groups, facilitating the fine interface contact
among Si NPs, CNTs, and RF resin (shown in Figure 1a). As a result, the RF resin grows
directly on the surface of Si NPs and CNT in the in situ polymerization process, thereby
forming a uniform RF resin coating shell on the surface of Si NPs and CNTs. During the
in situ polymerization procedure, CTAB was used as a surfactant, which can improve the
dispersion of Si NPs in the reaction solution and act as the soft template for the formation
of a mesostructured RF resin coating shell [60]. After carbonization, the brown Si/CNT@RF
resin composite was converted to black Si/CNT@C (Figure S1).
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Figure 1. (a) Schematic illustration of the fabrication process, (b,c) SEM images, (d) TEM image, and
(e) HR-TEM image of Si/CNT/C composite.

Figure 1b,c show the FE-SEM of Si/CNT@C composite, which exhibits a 3D nanoporous
morphology. It can be clearly observed that Si NPs were well dispersed in the 3D intercon-
nected CNT matrix without aggregation. The microstructure of Si/CNT@C composites
was further characterized by TEM and HR-TEM images. As shown in Figure 1d, the RF
resin-derived carbon shell, about ~10 nm thick, was uniformly coated on the surface of Si
NPs and CNTs. The clear lattice fringe with spacing of 0.31 and 0.34 nm indexed to the
(111) plane of the Si NPs and (002) plane of the CNT matrix appears in the high-resolution
TEM (HR-TEM) image (Figure 1e) [61]. Here, the carbon coating shell used an adhesive
medium, which attached Si NPs to the CNT sidewall and inhibited the aggregation of the
Si NPs. Meanwhile, CNTs acted as “bridges” to string the isolated Si NPs together and
provide a fast electron transport highway. Different from the Si NPs in the Si/CNT@C
composite anchored on the CNT sidewall without agglomeration, the Si NPs both in the
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bare Si sample and Si@C composite showed a certain level aggregate phenomenon due to
their high surface energy (Figure S2). This result reveals that the presence of CNTs in the
Si/CNT@C composite effectively avoids the agglomeration of Si NPs.

The XRD patterns of all the samples exhibit six diffraction peaks at 28.4◦, 47.2◦, 56.2◦,
69.2◦, 75.5◦, and 88.1◦, corresponding to (111), (220), (311), (400), (331), and (442) plane
of the Si crystal (JCPDS no. 27-1402) [56,62]. In addition, a wide and weak peak centered
at 24.5◦ can be observed in the Si@C and Si/CNT@C samples, which can be indexed to
the (002) plane of the amorphous carbon coating layer and CNT matrix. Compared with
the pattern of Si@C, the (002) peak of Si/CNT@C is much clearer due to the existence of
CNTs. The existence of amorphous carbon and CNTs can be further confirmed by the
Raman spectrum. As shown in Figure 2b, peaks at the wavenumbers of 136, 289, 509, and
924 cm−1 can be attributed to elemental Si [1,57,63]. The peaks at 1350 and 1590 cm−1

are indexed to the characteristic D and G peaks of carbon material, respectively. The D
band is associated with the disordered carbon structure (sp3-hybridized carbon), while
the G band is attributed to an ordered graphitic lattice (E2g phonon of sp2-hybridized
carbon) [62,64]. The relative intensity (ID/IG) of the D and G band is commonly used
to detect the graphitization degree of carbon materials. The increase in ID/IG means the
materials are more amorphous [65]. The ID/IG of the Si@C sample is 0.98, much larger than
that of the Si/CNT@C sample (0.91), revealing that the RF resin-derived carbon coating is
amorphous. This is consistent with the XRD results mentioned above.

  

Figure 2. (a) XRD patterns and (b) Raman spectra of the samples.

The chemical state and molecular environment of the Si/CNT@C sample are further
characterized by XPS spectra. As shown in Figure 3a, the signals of Si 2p (102.9 eV), C 1s
(285.5), and O 1s (533.0) can be observed in XPS survey spectrum of the Si/CNT@C. The
high-resolution XPS spectra of Si, C, and O elements contained in the Si/CNT@C composite
were deconvoluted using software named XPSPEAK41, a baseline type of Shirley, and
a Lorentzian–Gaussian distribution. The Si 2p XPS spectrum (Figure 3b) can be divided
into five peaks, which are attributed to the Si−Si (99.1 and 99.8 eV) and Si−O (100.9, 103.1
and 103.9 eV) bonds, respectively [66]. The Si−O peak originated from the SiO2 and SiO
layer on the surface of Si NPs [67]. The surface of Si NPs is usually oxidized to form
SiOx, including SiO and SiO2. The existence of SiOx in the Si-based anode materials has
been reported by some recent studies [1,43,66]. The C 1s spectrum in Figure 3c can be
fitted to three peaks at 284.8, 286.5, and 289.0 eV, which are assigned to the C−C, C−O,
and O−C=O bonds [66,68]. The O1s peak can be deconvoluted into Si−O (532.4 eV)
and O−C=O (533.6 eV) bonds [69]. To acquire high specific capacity, it is vital to raise
the Si mass content in the composite electrodes [1]. The mass contents of Si NPs were
estimated according to the TG plots of Si, Si@C, and Si/CNT@C samples (Figure S3). As
exhibited in Table S2, the Si/CNT@C composite contains a very high Si content of 62.8 wt%,
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which greatly exceeds that of most recently reported Si-based anode materials, such as
SMPS−1 (12.37 wt%) [70], GSCC (39.75 wt%) [66], Si/CNTs/C (40.4 wt%) [71], C/Si/CNT
(42.17 wt%) [72], and Si@C@v@CNTs (14.1 wt%) [73]. Due to the high Si content of the
as-prepared Si/CNT@C composite, high energy density can be expected to facilitate its
commercial application.

  

Figure 3. (a) XPS spectra, (b) Si2p, (c) C1s, and (d) O1s of Si/CNT@C sample.

3.2. Electrochemical Studies

To characterize the electrochemical behaviors of the Si/CNT@C composite, CV tests
were first performed at a scan rate of 0.1 mV s−1 with a potential range of 0.01~1.5 V vs.
Li/Li+. As shown in Figure 4a, a weak and broad peak centered at 0.8 V in the first cathodic
scan is ascribed to the decomposition of electrolyte and the formation of SEI film [43,55].
Such an irreversible peak did not show up in the subsequent cathodic scans, indicating
that stable SEI film was achieved in the first cathodic CV scan [74]. The sharp peak below
0.1 V in the first cathodic scan corresponded to the lithiation of silicon to LixSi [75]. In the
first anodic scan, the oxidation peaks at 0.32 and 0.47 V are recognized as the delithiation
process of the LixSi phase to amorphous Si. The following CV scans show two reduction
peaks at 0.22 and below 0.1 V, and two oxidation peaks at 0.32 and 0.47 V, corresponding to
the reversible lithiation/delithiation behavior of amorphous silicon [76]. As the number
of cycles increases, the peak intensity of the CV curves gradually increases, revealing an
activation process [69,77]. The bare Si and Si@C electrodes show similar CV behaviors
(Figure S4a,b). In contrast, the Si/CNT@C electrode showed the largest response current
among the three kinds of electrodes, demonstrating the best lithium storage performance
(Figure S4c).
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Figure 4. (a) CV curves of Si/CNT/C electrode at a scan rate of 0.1 mV s−1. (b) Charge/discharge
curves of Si/CNT/C electrode. (c) Rate performances of the bare Si, Si/C, and Si/CNT/C electrodes.
(d) EIS curves (inset shows equivalent circuit) of the bare Si, Si/C, and Si/CNT/C electrodes. (e) Cycle
performances of the bare Si, Si/C and Si/CNT/C electrodes.

The first three GCD curves of the Si/CNT@C, Si and Si@C electrodes at 0.1 A g−1 are
exhibited in Figure 4b, Figure S5a and Figure S5b, respectively. In the charge curves of the
first GCD cycles, all the electrodes show slope charge plateaus between 1.5 V and 0.2 V and
voltage plateaus at 0.1 V, which correspond to the irreversible SEI formation and lithiation
of silicon to LixSi [43]. The slope charge plateau between 1.5 V and 0.2 V disappears in the
charge curves of the following GCD cycles, indicating that SEI formation is completed in the
first cycle. As for the discharge curves, the discharging plateaus are observed at 0.1 V, which
corresponds to the delithiation process of the LixSi alloy. These results are consistent with
the CV scanning of the Si/CNT@C electrode (Figure 4a). The initial discharge capacities
were 1322, 1802, and 1925 mAh g−1, and the initial Coulomb efficiencies were 61 %, 72%,
and 78% for the Si, Si@C, and Si/CNT@C electrodes, respectively. The low initial Coulomb
efficiencies are caused by irreversible formation of the SEI layer [78]. The Si/CNT@C
electrode showed the largest discharge capacity and the highest Coulomb efficiency, which
may be attributed to the synergistic effects of the carbon coating and CNT matrix.

Furthermore, the rate performances were investigated by GCD tests at different current
densities. As shown in Figure 4c, the Si/CNT@C exhibits the best rate capability at all
current rates compared with those of the Si and Si@C. The Si/CNT@C showed a high
charge capacity of 1387 mAh g−1 after 10 cycles at 0.1 A g−1, which is higher than those of
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the Si (648 mAh g−1) and Si@C (956 mAh g−1). When the current rate increased to 1 A g−1,
the Si/CNT@C exhibited a high capacity of 827 mAh g−1, which is obviously much higher
than those of the Si (15 mAh g−1) and Si@C (378 mAh g−1). The great improved rate
performance of the Si/CNT@C can be attributed to the high conductivity of the CNT matrix
and the fast Li+ ion transmission in the 3D porous structure. When the current density
is recovered from 1 to 0.1 A g−1, the capacity of the Si/CNT@C electrode recovers to
852 mAh g−1, which is much higher than the respective capacities of Si (172 mAh g−1) and
Si/C (520 mAh g−1), indicating the good reversibility of the Si/CNT@C electrode.

The remarkable discharge capacitance of Si/CNT/C can be ascribed to the synergetic
effects of the CNTs and RF resin-derived carbon coating. Firstly, Si NPs were uniformly
dispersed in the 3D interconnected CNT matrix and were attached to the CNT sidewall
by the amorphous carbon coating shell, forming a 3D nanoporous structured Si/CNT@C
composite. The as-developed 3D nanoporous structure facilitates the inhibition of agglom-
eration of Si NPs, accelerates Li+ ion transportation, and buffers the volume expansion
effect of Si NPs during the delithiation/lithiation process. Secondly, isolated Si NPs were
stringed by the CNT matrix, providing a fast electron transport route. Thirdly, the uniform
carbon coating layer on the surface of Si NPs and CNTs can restrain the volume expansion
effect of Si NPs and thus facilitate the formation of stable SEI film. Based on the above
analysis, the Si/CNT@C electrode deserves the greatly enhanced lithium storage capacity
and rate capability.

EIS Nquist plots were carried out to eluate the conductivity of the samples. As shown
in Figure 4d, all the Nyquist curves reveal a semicircle in the mid-frequency region and a
straight line in the low-frequency region, which can be simulated by the inserted equivalent
circuit. The Rs, Rct, CPE, and W represent the ohmic resistance of electrolyte and electrode,
charge transfer resistance, the constant phase element related to electric double-layer
capacitance, and the Warburg impedance, respectively [1,56,62]. As revealed by the fitting
results shown in Table S1, the Si/CNT@C electrode shows the smallest Rs (1.6 Ω) and
Rct (38.5 Ω), which are much smaller than those of the Si (Rs 2.0 Ω and Rct 92.5 Ω) and
Si@C (Rs 1.7 Ω and Rct 62.4 Ω), indicating the significantly enhanced Li+ ion and electron
transportation of the Si/CNT@C electrode. Such significant improvement arises from the
synergetic effects of the CNTs and RF resin-derived carbon coating, which enhance the
electron transportation between Si NPs and CNTs. The 3D nanoporous structure derived
from the CNT matrix also facilitates fast Li+ ion transportation, which contributes to a
rapid de-alloying reaction between Li and Si [75].

Figure 4e shows the cycling stability of the bare Si, Si@C, and Si/CNT@C electrodes
at a current rate of 0.1 A g−1. The Si/CNT@C electrode can retain a high specific capacity
of 1106 mAh g−1 after 200 cycles and its Coulomb efficiency rapidly increased above
99% after the third cycle. In contrast, the Si@C electrode can only retain a relatively low
specific capacity of 485 mAh g−1 after 200 cycles. As for the bare Si electrode, the specific
capacity dramatically decays to almost zero after 200 cycles. Figure S6 shows that the
Si/CNT@C electrode can retain a high specific capacity of 770 mAh g−1 after cycling at
0.5 A g−1 for 200 cycles, further proving its application prospects. As exhibited by Table S2,
the Si/CNT@C electrode shows competitively high specific capacity, long cycle stability,
and rate capability compared with the recently reported Si-based anode materials, such
as SMPS−1 (501 mAh g−1 at 1 A g−1 after 500 cycles) [70], GSCC (837.3 mAh g−1 at
0.2 A g−1 after 100 cycles) [66], Si/CNTs/C (702 mAh g−1 at 0.2 A g−1 after 300 cycles) [71],
C/Si/CNT (696.8 mAh g−1 at 0.1A g−1 after 50 cycles) [72], Si@C@v@CNTs (912.8 mAh g−1

at 0.1 A g−1 after 100 cycles) [73], and Si/CNTs@PMMA−C (1024.8 mAh g−1 at 0.2 A g−1

after 200 cycles) [78]. The significantly enhanced cycle performance can be attributed to the
unique structure advantages of the Si/CNT@C electrode, which can effectively buffer the
expansion effect of Si NPs during the delithiation/lithiation process.
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4. Conclusions

In this study, a 3D network structured Si/CNT@C composite anode material was
synthesized via simple in situ polymerization and the following carbonization strategy.
In the as-prepared Si/CNT@C composite, Si NPs were anchored on the surface of CNT,
with uniform carbon shells coated on both surfaces of Si NPs and CNT. This unique 3D
nanoporous structure, with interconnected CNTs as a supporting matrix, alleviated the
agglomeration/volume fluctuation of Si NPs and thereby facilitated fast ion/electron
transportation during charge/discharge cycles. As a result, the Si/CNT@C sample retained
a high specific capacity of 1106 mAh g−1 and 770 mAh g−1 after 200 charge/discharge
cycles at 0.1 A g−1 and 0.5 A g−1, respectively. When the current density increased to
1 A g−1, the Si/CNT@C electrode exhibited a relatively high capacity of 827 mAh g−1.
Compared with the bare Si NPs and Si@C samples, the Si/CNT@C exhibited significantly
improved cycle stability and rate capability. Considering the easy synthetic route and high
Si mass content, the Si/CNT@C composite anode material reported here paves a new way
for the industrial application of Si-based anode materials in high-energy LIBs.
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samples. Figure S4: (a) CV curves of Si, (b) CV curves of Si@C, and (c) comparison of the third cycle
CV curves of the Si, Si@C, and Si/CNT@C. Figure S5: GCD curves of Si (a) and Si@C (b). Figure S6:
Cycle performances of the Si/CNT/C electrode at 0.5 A g−1. Table S1: Fitting results of the EIS
curves. Table S2: Comparison among the recently reported Si-based anode materials [79,80].
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Abstract: Poly(vinylidene fluoride) (PVDF)-based composite solid electrolytes (CSEs) are attracting
widespread attention due to their superior electrochemical and mechanical properties. However,
the PVDF has a strong polar group -CF2-, which easily continuously reacts with lithium metal,
resulting in the instability of the solid electrolyte interface (SEI), which intensifies the formation
of lithium dendrites. Herein, Tetrafluoro-1,4-benzoquinone (TFBQ) was selected as an additive
in trace amounts to the PVDF/Li-based electrolytes. TFBQ uniformly formed lithophilic quinone
lithium salt (Li2TFBQ) in the SEI. Li2TFBQ has high lithium-ion affinity and low potential barrier and
can be used as the dominant agent to guide uniform lithium deposition. The results showed that
PVDF/Li-TFBQ 0.05 with a mass ratio of PVDF to TFBQ of 1:0.05 had the highest ionic conductivity of
2.39 × 10−4 S cm−1, and the electrochemical stability window reached 5.0 V. Moreover, PVDF/Li-
TFBQ CSE demonstrated superior lithium dendrite suppression, which was confirmed by long-term
lithium stripping/sedimentation tests over 2000 and 650 h at a current of 0.1 and 0.2 mA cm−2,
respectively. The assembled solid-state LiNi0.6Co0.2Mn0.2O2||Li cell showed an excellent per-
formance rate and cycle stability at 30 ◦C. This study greatly promotes the practical research of
solid-state electrolytes.

Keywords: solid-state lithium battery; polymer electrolytes; solid electrolytes interface;
poly(vinylidene fluoride)

1. Introduction

Lithium-ion batteries (LIBs) are indispensable energy storage devices in daily life and
are widely used in many fields, and the increasing demand in applications has promoted
research on LIBs with high power/energy density and good safety [1,2]. Almost all LIBs
usually use organic electrolytes as ion-conducting media in practical applications; their
flammability brings great challenges to the safety of LIBs. Meanwhile, uneven lithium
deposition and huge volume effect cause the rupture of the SEI layer and the growth of
lithium dendrites, which will reduce the coulomb efficiency and battery life, limiting the
increase in energy density [3–5]. The development and use of solid-state electrolytes can
effectively alleviate these problems and offer possibilities for the development of solid-state
lithium metal batteries [6].

Solid electrolytes are generally classified into three categories [7]: inorganic solid
electrolytes, solid polymer electrolytes (SPEs), and composite solid electrolytes (CSEs).
For inorganic solid electrolytes, studies of Li7La3Zr2O12 (LLZO) [8], Li1−xAlxTi2−x(PO4)3
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(LATP) [8], Li10GeP2S12 (LGPS) [9], e.g., have been reported. For SPEs, polyethylene
oxide (PEO) [6], poly(vinylidene fluoride) (PVDF) [10], polyvinylidene fluoride hexafluoro-
propylene (PVDF-HFP) [11], polyacrylonitrile (PAN) [12] and polymethylmethacrylate
(PMMA) [13], e.g., can be used as polymer matrices. Through component control and
structural design, composite solid electrolytes (CSEs) that combine the advantages of
different types of electrolytes can improve the overall ionic conductivity and mechanical
strength. Common composite solid electrolytes include polymers and inorganic fillers [14],
polymers and polymers [15], and other synergistic approaches. Polymer electrolytes are
commonly used as matrices, and inorganic fillers play the role of effectively reducing
the crystallinity of polymer matrices, expanding amorphous regions, and increasing the
content of free Li+ to improve ionic conductivity [16,17].

PVDF has the advantages of good mechanical properties, non-flammability, strong
solubility of lithium salts and low price, so it is very suitable for use as a polymer matrix
for composite electrolytes [18]. However, PVDF polymer also has obvious shortcomings
in lithium battery research applications; first of all, high crystallinity at room temperature
brings excellent mechanical properties but also hinders the improvement in the ion con-
ductivity. Secondly, the incompatibility of PVDF polymer and lithium metal, PVDF has a
strong polar group -CF2-, lithium metal reacts easily with PVDF and causes the instability
of the contact interface [19,20]. Through extensive attempts and in-depth exploration, it
is scientific and feasible to modify PVDF-based solid electrolytes with different design
strategies. Modification using inorganic fillers can significantly enhance ion conductivity,
mechanical properties, and thermal stability. Zhang et al. [21] used LLZTO as the active
filler in the PVDF-HFP polymer matrix, making lithium salt LiFSI more easily dissociated
and providing more migration Li+; LLZTO can provide additional Li+ migration paths,
effectively improving the electrochemical stability of solid-state electrolyte. Li et al. [22] pre-
pared a solid polymer electrolyte with PVDF, using CA (cellulose acetate) as the matrix and
modified MMT (montmorillonite) as a filler; CA promoted the sufficient spatial conforma-
tion of the polymer molecular segment so Li+ could be transferred conveniently, improved
the mechanical strength of the membrane, and restrained the growth of lithium dendrites.
Zeng et al. [23] enhanced the polarization of polymers by copolymerizing trifluoro-ethylene
(TrFE) monomer with PVDF monomer and exhibiting the pure all-trans (TTTT) planar
zigzag conformation at the TrFE content of 20 to 50 mol%, thereby achieving an improve-
ment in ionic conductivity. Liu et al. [24] used PVDF-HFP as the matrix, through ingenious
structural design, to create a novel type of polymer-in-salt solid electrolyte (PISSE), which
can penetrate and grow directly in the three-dimensional (3D) electrode on the current
collector spacing to achieve the most adequate contact between the electrode and the solid
polymer electrolyte.

Like most solid electrolytes, the interface problem of PVDF-based solid electrolytes
remains unresolved, and uneven lithium ion conductivity leads to uneven nucleation of
lithium deposition, exacerbating the formation of lithium dendrites [25]. Higher current
densities result in more susceptible breakage of the SEI, and the fresh lithium metal exposed
under the crack has a lower lithium ion transport barrier, which in turn leads to more
uneven lithium deposition [26], which may lead to low coulomb efficiency, short long-
term operation cycle, and other safety hazards. It greatly affects the improvement in
battery energy density and battery safety [27,28]. Therefore, the SEI layer is crucial to the
overall performance of lithium metal anodes and lithium batteries; it regulates the current
distribution during lithium deposition by changing the physicochemical properties, thereby
fundamentally inhibiting the production of lithium dendrites.

The original SEI layer usually exhibits fragile characteristics, and the method of in
situ formation can be regarded as the most feasible, practical and constructive, showing
outstanding lithium dendrite inhibition ability and promoting the circulation of lithium
metal electrodes [29]. The lithiophilic matrix of the SEI layer reduces the potential barrier
for lithium nucleation, balances the current distribution, and enhances the binding of
lithium ions to other substances. Qian et al. reported an electrolyte additive in lithium
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metal batteries: tetrachloro-1,4-benzoquinone (TCBQ) and found through experiments that
its decomposition product (Li2TCBQ) in SEI is more lithiophilic [30]. Specifically, TCBQ can
be neatly stacked and arranged between molecules because of its unique chemical bonds,
and lithium ions are neatly riveted on the surface of TCBQ, and the formed Li2TCBQ, LiF,
and Li2CO3 together form a stable SEI layer [31]. It can be seen that benzoquinone based on
conjugated carbonyl compounds has excellent performance in reaction kinetics, combined
with stable amorphous structure, which is very valuable in the selection of electrolyte
additives. As a similar substance, tetrafluoro-1,4-benzoquinone (TFBQ) contains F-groups
that are more competitive than TCBQ, and the effect of micro-addition plays a significant
role and can be utilized as the high-potential additive for composite electrolyte modification.

Therefore, in this study, PVDF was selected as the polymer matrix, a high-concentration
of lithium salt (LiTFSI) was added, and TFBQ was selected as the additive, in the hopes
that a trace amount of TFBQ added to the PVDF/Li-based electrolyte could uniformly
form a new lithiophilic quinone lithium salt (Li2TFBQ) component in the SEI layer. Due
to its strong lithium-ion affinity and relatively low potential barrier, Li2TFBQ can be used
as a guiding agent of SEI layer to promote uniform lithium deposition. This has been
proven in this experiment through related physicochemical performance characterization
and electrochemical testing. PVDF-based composite solid electrolytes with trace TFBQ
have excellent stability coupled to symmetric lithium electrodes, and under the current
density gradient of 0.1–0.4 mA cm−2, lithium symmetric cells can stabilize the cycle with
stable polarization voltage and without short circuits. In addition, the PVDF/Li-TFBQ
CSE confirmed the significant suppression of lithium dendrite growth through long-term
lithium stripping/deposition tests for more than 200 h. It was worth emphasizing that the
assembled solid-state LiNi0.6Co0.2Mn0.2O2||Li cells exhibited excellent rate performance
and cycle stability at 30 ◦C. In this experiment, the effect of trace benzoquinone additives
on the anode interface of composite solid electrolytes was explored, opening up a new idea
for the modification of solid electrolyte interfaces.

2. Materials and Methods

2.1. Material Synthesis

In this work, through the solution casting method of synthesized PVDF/Li-TFBQ
CSEs membranes: First, polyvinylidene fluoride (PVDF, HF-Kejing, Hefei, China), lithium
bis(trifluoromethane sulfonyl)imide (LiTFSI, 99.99%, Sigma-Aldrich, St. Louis, MI, USA),
and a certain amount of tetrafluoro-1,4-benzoquinone (TFBQ, Sigma-Aldrich) were dis-
solved in N, N-dimethylformamide (DMF, 99.8%, Sigma-Aldrich) solution. Next, we stirred
the obtained solution continuously at 60 ◦C for 12 h to form a homogeneous solution. Then,
we evenly coated the slurry on the clean polytetrafluoroethylene(PTFE) mold and placed it
horizontally to be evaporated and shaped and vacuum-dried at 80 ◦C for 12 h to obtain
a membranes thickness of about 100 μm. In subsequent characterization and testing, the
electrolyte membranes were cut to the appropriate size as required (the diameter of all
electrolyte membranes assembled into the button cell was 16 mm).

2.2. Preparation of LiNi0.6Co0.2Mn0.2O2 Cathodes

The components of the cathode are LiNi0.6Co0.2Mn0.2O2 powder, poly(vinylidene
fluoride) (PVDF), and carbon black (super P); the three components were added to the
N-methyl pyrrolidone (NMP) solution in the mass ratio of 8:1:1 and stirred vigorously, the
obtained slurry was coated on aluminum foil, and vacuum-heated at 80 ◦C for 12 h, and
then cut into small discs with the diameter of 12 mm, and the average mass loading of the
active material on the cathode is approximately 2.0–2.3 mg cm−2.

2.3. Material Characterization

The purity of the samples was identified by XRD, and the crystallinity changes of the
composite electrolyte membranes were analyzed with a test angle of 10–70% and a test step
size of 0.010 (Cu Kα radiation). The micro-morphology and thickness measurements of
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the composite electrolyte membranes were analyzed by SEM and EDS, and the electrode
materials before and after cycling were also micro-characterized. Electrolyte membranes
stability was analyzed by thermogravimetric analysis (TGA). The change of melting tem-
perature point (Tm) of the composite electrolyte was analyzed by DSC, and then the change
of crystallinity was reflected. The heating rate was 10 ◦C min−1, the test temperature range
was 70–200 ◦C, and the protective atmosphere was argon atmosphere. The transformation
of the chemical bond of the samples were characterized by Fourier transform infrared
spectroscopy (FTIR), and the test wavelength range was 4000–600 cm−1. The interface
between the electrolyte and the lithium metal anode was tested by XPS on a Thermo K-
Alpha XPS spectrometer equipped with a monochromatic Al-Kα X-ray source to analyze
the composition and content change of the main phase substances in the interface layer.

2.4. Electrochemical Measurements

The ionic conductivity of electrolytes in the stainless steel (SS)||CSE||SScell was
measured by Electrochemical impedance spectroscopy (EIS) in the temperature range
of 10–80 ◦C with alternating current (AC) amplitude of 0.01 V and frequency range of
1–106 Hz. The linear sweep voltammetry (LSV) of the electrolyte was tested by Li||CSE
Licell with a voltage range of 2–6 V and a scan rate of 0.001 V s−1. The lithium-ion
transference number (tLi+) of the electrolyte was calculated from direct current polarization
and alternating current impedance measurements using Li||CSE||SS cells at 25 ◦C. At
30 ◦C, the electrochemical properties of all lithium symmetric cells Li||CSE||SS and
LiNi0.6Co0.2Mn0.2O2||Li solid-state cell were measured by the LAND charge–discharge
test system. All cells were assembled into CR 2025 coin cells in a glove box filled with argon
gas with lithium metal foil as the anode, using only CSE as the electrolyte and no liquid
electrolyte added.

3. Results

In this work, PVDF/Li-TFBQ CSE membranes were synthesized via solution casting
method, and a series of PVDF/Li-TFBQ samples with different additive contents were pre-
pared; the mass ratio of PVDF to LiTFSI was 1:1.25, and the mass ratio of PVDF to additive
TFBQ were 1:0.1, 1:0.05, and 1:0.01, respectively, named PVDF/LiTFSI, PVDF/Li-TFBQ 0.1,
PVDF/Li-TFBQ 0.05, and PVDF/Li-TFBQ 0.01, respectively, in which the PVDF/LiTFSI
was the control test group without any additives.

The X-ray diffraction (XRD) pattern of Figure 1a shows the phase and crystallinity of
LiTFSI, TFBQ, and PVDF/Li-TFBQ CSE membranes. After adding LiTFSI and TFBQ, the
characteristic peaks of PVDF at 20◦ and 40◦ showed a decrease in diffraction peak intensity,
and the position of the diffraction peak did not shift, indicating that the degree of the
amorphous state of PVDF was strengthened after mixing with lithium salt and additives.
This shows that the addition of TFBQ additive and LiTFSI can increase the amorphous
region of the PVDF matrix and reduce crystallinity. At the same time, in the composite
electrolyte, neither lithium salt nor additive shows their corresponding characteristic peaks,
which indicates that the lithium salt and additive added to the system were homogeneously
mixed with the PVDF matrix rather than in a dispersed form. As shown in Figure 1b, the
crystallinity of PVDF decreases with the addition of LiTFSI and TFBQ by analyzing the
differential scanning calorimetry (DSC) curves of pure PVDF, PVDF/LiTFSI, and PVDF/Li-
TFBQ membranes. The endothermic peak of the pure PVDF membranes appeared at
154 ◦C, that is, the crystalline-amorphous transition temperature (Tm). Due to ensuring the
appropriate usage of LiTFSI, the endothermic peak of the electrolyte obviously decreased to
148 ◦C and decreased more significantly with the addition of TFBQ, which also proved that
the addition of LiTFSI and TFBQ could effectively reduce the crystallinity of PVDF polymer,
among which PVDF/Li TFBQ 0.05 showed the lowest endothermic peak temperature of
130 ◦C, which means that there were more amorphous regions in this sample, which is
more conducive to the formation of lithium ions. In order to further explore the effect
of additives and lithium salts on the composite electrolyte, the chemical bond transition
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of these samples was investigated by FTIR spectroscopy. In the FTIR spectra shown in
Figure 1c, the characteristic peaks of 761 and 1402 cm−1 correspond to the α-phase crystals,
and the characteristic peaks of 835 and 876 cm−1 correspond to the amorphous phases. It is
worth noting that the absorption peaks of -CF2-, located at 1072 and 1171 cm−1, were shifted
after adding LiTFSI, and a new absorption peak was also generated at 1660 cm−1 due to the
interaction between the PVDF matrix and LiTFSI. The amorphous phase peak at 876 cm−1

also weakened in intensity after adding TFBQ, which corresponds well to the results of
DSC and XRD. At the same time, a new characteristic peak appeared at 957 cm−1 in the
experimental group samples, which strengthens with the increase in additive addition,
which is the characteristic peak of the C-F bond in TFBQ, which indicates that the TFBQ
additive is successfully mixed inside the composite electrolyte.

Figure 1. (a) X-ray diffraction (XRD) patterns of TFBQ, LiTFSI, pure PVDF, PVDF/Li, and PVDF/
Li-TFBQ CSE membranes, DSC profiles (b) and FTIR spectra (c) of pure PVDF, PVDF/Li, and
PVDF/Li-TFBQ CSE membranes.

To explore the appropriate amount of TFBQ, we measured the ionic conductivity of dif-
ferent samples at room temperature, as shown in Figure 2a,b, PVDF/Li-TFBQ 0.05 showed
the highest ionic conductivity (2.39 × 10−4 S cm−1) at 25 ◦C after multiple tests and cal-
culations with the same repeatability. To further verify the scientific conclusion, we also
tested and summarized the ionic conductivity performance at different temperatures; as
shown in Figure 2c, it can be clearly found that PVDF/Li-TFBQ 0.05 has the highest ionic
conductivity at different temperature points in the entire temperature range. According
to the approximate slope of its curve, it can also be seen that the sample has a low ionic
migration barrier. Therefore, PVDF/Li-TFBQ 0.05 was the optimal sample according to the
performance of ionic conductivity; that is, when the mass ratio of PVDF to TFBQ was 1:0.05,
it was the optimal micro-addition amount of additive, and subsequent characterization and
testing were carried out on this sample.

To characterize the thermal stability of the composite electrolyte, the thermo-gravimetric
loss of the electrolyte membranes was detected in the temperature range of 40–700 ◦C by
TG, as shown in Figure 2d, after adding lithium salt and TFBQ, the thermal stability of CSE
is not destroyed, it still has excellent thermal stability in a wide temperature range as the
pure phase PVDF membranes, indicating that the PVDF/Li-TFBQ 0.05 CSE membranes
also have better safety performance.

In addition to being expected to play a positive role at the electrolyte interface, the
additive TFBQ can also facilitate the dissociation of LiTFSI and improve the ionic conduc-
tivity, as demonstrated in additive exploration experiments. At the same time, whether
the dissociation of lithium salt is further facilitated can also be reflected by the number
of electrolyte ions. Therefore, the results of the lithium-ion migration number test and
calculation of the sample are shown in Figure 2e, the lithium-ion migration number of
PVDF/Li-TFBQ 0.05 at room temperature can reach 0.42, which is much higher than the
ion migration number of ordinary PVDF-based composite solid electrolytes (about 0.3),
which further confirms that the addition of TFBQ can facilitate the dissociation of LiTFSI
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and upgrade the overall electrochemical performance of the composite solid electrolyte. To
characterize the adaptability of the composite solid electrolyte to the cathode material, the
electrolyte samples were tested for LSV to characterize the electrochemical stability window,
and the results are shown in Figure 2f; the overall electrochemical stability of the composite
solid electrolyte also improved after TFBQ addition, and the electrochemical window of
the PVDF/Li-TFBQ 0.05 reached 5.0 V, possibly because TFBQ not only promoted the
dissociation of lithium salt but also made the distribution of lithium salt more uniform and
also absorbed some impurities in the electrolyte as a cross-linking center, thus improving
overall antioxidant resistance.

Figure 2. Impendence spectra (a) and ionic conductivities (b) of PVDF/Li-TFBQ CSE membranes with
different contents of TFBQ at room temperature, (c) Arrhenius plots of ionic conductivities of PVDF/Li
and PVDF/Li-TFBQ CSE membranes. (d) TG curves of pure PVDF and PVDF/Li-TFBQ 0.05 CSE
membranes. (e) Direct current polarization result for the Li||PVDF/Li-TFBQ 0.05||Li symmetrical
cell and its EIS variation before and after polarization (inset), (f) linear sweep voltammetry plot of
PVDF/Li and PVDF/Li-TFBQ 0.05 CSE membranes at 25 ◦C.

The interfacial compatibility and stability of electrolyte and lithium metal have great
influence on cell performance. To directly demonstrate the contact stability between lithium
metal and electrolyte, the EIS experiment of the lithium-symmetric cell was designed, and
then the interface compatibility and stability of PVDF/Li-TFBQ 0.05 CSE and lithium
electrode after long-term contact between the electrolyte membranes and lithium metal at
room temperature was analyzed. As shown in Figure 3a, the interface between the CES
membranes and lithium metal tends to balance and stabilize after three days of contact,
with no significant increase in interface resistance, indicating good interface stability. The
electrochemical stability of the CSE under high voltage was further evaluated by applying
a constant voltage of 4.5 V to the cell for 150 h and performing impedance measurements.
Figure 3b shows Li||PVDF/Li-TFBQ 0.05||SS asymmetric cell impedance spectrum
over time. Through the analysis of experimental results, the almost constant resistance
at constant voltage proves the significant electrochemical stability of CSE. The stability
of long-term battery cycling is significantly affected by the interface state between the
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electrolyte and the lithium metal electrode, so the deposition/stripping process of the
lithium symmetric battery was analyzed to evaluate the stability between the electrolyte and
the lithium metal anode. Figure 3c shows the rate performance of lithium-symmetric cells
for different current magnitudes at room temperature. Under the current density gradient
of 0.1–0.4 mA cm−2, lithium-symmetric cells can cycle stably with stable polarization
voltage and no short circuit. In addition, as shown in Figure 3d,e, PVDF/Li-TFBQ CSE
shows outstanding lithium dendrite suppression ability, which can stably cycle for more
than 2000 and 650 cycles, respectively, under the current of 0.1 and 0.2 mA cm−2, and the
voltage polarization change is small before, during, and after the cycle, which indicates that
the interface condition between the electrolyte and lithium metal remains stable throughout
the cycle. It can be seen that the addition of TFBQ can improve the interfacial stability of
electrolyte and lithium metal.

Figure 3. (a) Impedance spectra of Li||PVDF/Li-TFBQ 0.05||Li symmetrical cell for different
aging times. (b) Impedance spectra of Li||PVDF/Li-TFBQ 0.05||SS unsymmetrical cell at bias
voltage 4.5 V. (c) Galvanostatic rate performance of the Li symmetrical cell with a current density of
0.1–0.3 mA cm−2 at 30 ◦C. Galvanostatic long-term cycling of Li||PVDF/Li-TFBQ 0.05||Li symmet-
rical cell with a current density of 0.1 mA cm−2 (d) and 0.2 mA cm−2 (e).

The microscopic morphology of the electrolyte can be intuitively analyzed through
SEM images. Due to the absence of inorganic fillers, the PVDF/Li TFBQ 0.05 CSE mem-
branes have a smoother and more uniform surface, as shown in Figure 4a,b, which can
bring positive effects on the ion transport inside the electrolyte and the stability of the
interface between the electrolyte and the electrode. At the same time, as shown in Figure 4c,
the cross-section shows that the thickness of the electrolyte is about 100 μm. The thinner
electrolyte shows that the migration path of lithium ions is shortened during cell operation,
which has a positive significance for reducing cell polarization and improving the ionic
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conductivity of the electrolyte. The thinner thickness of the electrolyte is an encouraging
sign for the application of all solid-state batteries. The EDS analysis provides insight into
the distribution of various elements inside the electrolyte. As shown in Figure 4d–g, N, F, S,
and O are characteristic elements of LiTFSI, and it can be intuitively found that various
elements are uniformly distributed in the electrolyte section, which indicates that although
the composite electrolyte is added with high concentrations of lithium salts, it is still com-
pletely dissolved and evenly distributed inside the electrolyte matrix. It can be seen that
the simple solution casting method can also obtain high-quality electrolyte membranes
with uniform composition and smooth morphology.

Figure 4. Surface (a,b) and cross-sectional (c) SEM images of PVDF/Li-TFBQ 0.05 CSE membranes,
corresponding EDS mapping of nitrogen (d), fluorine (e), sulfur (f), and oxygen (g).

The lithium metal interface of Li||PVDF/LiTFSI||Li and Li||PVDF/Li-TFBQ 0.05||Li
symmetrical cell after 100 cycles at 0.1 mA cm−2 current were analyzed by SEM images. As
shown in Figure 5c,d, after contact with PVDF/LiTFSI electrolyte membranes and deposi-
tion/stripping 100 times, the surface of the lithium metal electrode plate obviously shows
uneven lithium deposition, which is characterized by rough and loose interface and irregular
lithium dendrites. In contrast, the surface of the lithium metal electrode after PVDF/Li-TFBQ
0.05 CSE contact, shown in Figure 5a,b, is flatter and smoother, and no lithium dendrite is
observed. This indicates that lithium-ions are deposited more uniformly on the surface,
which also confirms our assumption that the TFBQ additive can spontaneously form a
stable SEI layer on the surface of lithium metal and guide the uniform deposition of lithium
ions. To further verify the influence of TFBQ additive on the interface layer of electrolyte
and lithium metal, we performed in situ XPS characterization on the lithium metal surface
of the lithium symmetric cell after cycling to determine the chemical composition informa-
tion in the electrochemical process. Figure 5e shows the XPS spectra of F, O, and C elements.
After the addition of TFBQ, a more stable interface layer mainly composed of LiF, Li2CO3,
and Li2TFBQ was formed on the lithium anode due to the interface reaction between TFSI-

and TFBQ and lithium metal, providing good ion conductivity. At the same time, electronic
insulation and mechanical properties were improved, thereby achieving the suppression of
side reactions and uniform lithium deposition/stripping.
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Figure 5. SEM images and XPS spectra of cycled Li metal collected from symmetrical Li cells utilizing
PVDF/Li-TFBQ 0.05 (a,b,e) and PVDF/Li (c,d,f).

To verify the performance of the PVDF/Li-TFBQ 0.05 composite electrolyte cell, we
assembled solid LiNi0.6Co0.2Mn0.2O2||Li button cells and tested the rate and cycle per-
formance of the cells at 30 ◦C. As shown in Figure 6a, at currents of 0.2, 0.3, 0.5, 1,
and 1.5 C, the cells show good discharge specific capacities of 160, 152, 140, 110, and
90 mA h g−1, respectively, which is comparable to the rate performance of most conven-
tional electrolyte cells. The charge–discharge curve of these cells is shown in Figure 6d.
Under the current condition of low rate, the voltage polarization is small, while under
the condition of high rate, although the polarization is increased, it can still maintain a
high-capacity performance. As shown in Figure 6b, in the long-term cycle of the cell,
the capacity of nearly 150 mA h g−1 can be kept stable for more than 180 cycles under a
current of 0.2 C, the capacity retention rate is more than 80%, and the coulomb efficiency
also remains at a high level during the cycle. According to the charge–discharge curve in
Figure 6e, the capacity of the cell gradually increased to the highest level within the first
50 cycles. The reason is that there is a homogenization process in the initial charge–
discharge cycle of the cell, and the internal ion conduction and interface contact conditions
of the cell gradually stabilize with the progression of the charge–discharge cycle. As
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shown in Figure 6e,f, LiNi0.6Co0.2Mn0.2O2||Li cell can stably cycle the capacity of nearly
125 mA h g−1 for about 100 cycles under a current of 0.5 C, and the capacity retention rate
can also reach 65% after 300 cycles and maintain a high coulomb efficiency of nearly 100%
in the whole process. It can also be seen from the charge–discharge curve of the cell that
voltage polarization is large during the high-current cycle, but it is worth affirming that
the cell can still guarantee high-quality capacity output in the first 100 cycles, which is
of positive significance to the research of solid-state high-voltage high-capacity lithium
batteries. Through the test of LiNi0.6Co0.2Mn0.2O2||Li cell assembled by PVDF/Li-TFBQ
0.05 composite electrolyte, it can be seen that the electrolyte ensures the overall excellent
multiple and cycle performances of the cell with its good electrochemical performance.
In a word, the cell performance of PVDF-based composite electrolyte can be significantly
improved by adding the appropriate amount of TFBQ.

Figure 6. (a) Rate performance at rates of 0.2–1.5 C of LiNi0.6Co0.2Mn0.2O2 cells. (b,c) Cycling
performance of cells at different rates. (d–f) Selective charge–discharge curves after different cycles of
cells at different rates, cycled at 30 ◦C.

4. Conclusions

In summary, the addition of benzoquinone additive TFBQ to PVDF-based composite
electrolytes can promote the uniform deposition of lithium. In the electrochemical process,
due to its unique chemical bonds, the molecules can be neatly stacked and arranged, and it
has strong lithiophilicity, and then lithium-ions are neatly riveted on the surface of TFBQ.
That is, a small amount of TFBQ in the electrolyte can be sacrificed and decomposed
to form a uniform Li2TFBQ layer in the SEI layer on the surface of the Li anode. This
component exhibits a relatively low energy barrier, thus effectively improving the stability
of the lithium metal anode surface by regulating the deposition of lithium metal, thereby
further reducing the side reaction resistance between the electrolyte and lithium metal. The
results show that the lithium symmetrical cell assembled with the electrolyte containing an
appropriate amount of TFBQ can cycle stably under the condition of stable polarization
voltage and no short circuit under the current density gradient of 0.1–0.4 mA cm−2. In
addition, PVDF/Li TFBQ CSE exhibits outstanding lithium dendrite suppression ability,
which has been demonstrated by long-term lithium stripping/deposition tests conducted
at currents of 0.1 and 0.2 mA cm−2 for over 2000 and 650 h, respectively. The solid
LiNi0.6Co0.2Mn0.2O2||Li cell assembled with the CSE also shows outstanding rate and
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cycling performance at room temperature. Therefore, TFBQ is a promising additive in the
composite solid electrolyte system.
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Abstract: A composite electrode of carbon nanotube CNT@Mn3O4 nanocable was successfully
synthesized via direct electrophoretic deposition onto a copper foil, followed by calcination. By
uniformly depositing Mn3O4 nanoparticles on CNTs, a nanocable structure of CNT@Mn3O4 can be
formed, where the CNT acts as a “highway” for electrons and ions to facilitate fast transportation.
Moreover, capacitive energy storage processes play a crucial role in lithium (Li) storage, especially
during high scan rates. The significant contribution of capacitance is highly advantageous for
the rapid transfer of Li+ ions, which ultimately results in an improved reversible capacity and
prolonged cycle stability of the battery. A high specific capacity of 1367 mAh g−1 was maintained over
300 charge–discharge cycles at a current density of 1 A g−1, indicating excellent capacity retention
and an extended cycle life. Furthermore, the synthesis process was facile and cost-effective, obviating
the need for complex procedures such as mixing and pasting. Additionally, no binder was required,
thereby enhancing battery quality efficiency.

Keywords: Mn3O4; carbon nanotubes; electrophoretic deposition; lithium-ion batteries; anode material

1. Introduction

As the world confronts environmental challenges stemming from fossil fuel combus-
tion, it is imperative that governments and scientists expeditiously explore and cultivate
green renewable energy sources. Solar and wind energy are two examples of such sources;
however, their intermittent nature and instability pose a threat to the security of power
systems when used in large quantities. Hence, it is crucial we expand highly efficient
energy conversion and energy storage systems for power produced by sustainable sources
like solar, wind, and tidal energy to ensure a sustainable and secure energy future [1].

Rechargeable batteries, particularly lithium-ion batteries (LIBs), have made significant
strides in the energy storage sector and renewable power technology in recent years. LIBs
possess high energy density, a prolonged cycle life, and eco-friendliness, rendering them a
promising option for clean energy storage systems in portable electronics, electric vehicles
(EVs), and wind/solar power devices [2,3]. The speedy progress of portable consumer
electronics and electric vehicles has created a critical requirement for next-generation
LIBs with even higher energy density. Currently, carbonaceous materials, particularly
graphite, are widely utilized as low-cost anode materials in commercial lithium-ion batteries
due to their low working potential and lengthy longevity [1]. However, the graphite
material currently available on the market has already reached its theoretical capacity of
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372 mAh g−1 and is approaching its limit [2]. Hence, the quest for high-energy-density
anode materials in LIBs is becoming increasingly pressing.

Transition-metal oxide compounds, such as MxOy (where M represents Ni, Mn, Co,
Fe, and other elements), possess high theoretical energy density and have been identified
as promising anode materials for lithium-ion batteries [3–5]. Mn3O4 is considered a highly
attractive anode material option for LIBs due to its abundant and eco-friendly nature,
as well as its significant theoretical capacity of 936 mAh g−1 [6]. Since the first report
on Mn3O4 as a host for electrochemical Li insertion by Goodenough’s team, Mn3O4 has
drawn considerable focus as a qualified candidate for anode in LIBs. Nonetheless, Mn3O4
experiences significant expansion in volume during lithiation and delithiation processes,
resulting in suboptimal cycle stability [7]. Furthermore, the low electron conductivity of
Mn3O4 (10−7 to 10−8 S cm−1) impedes its application as an anode for LIBs, resulting in an
inadequate rate capability [8,9].

To address the challenges mentioned above, researchers have adopted two widely
used strategies, namely the creation and production of nanocomposite materials containing
a conductive matrix. The structural stability of nanoscale active materials is bolstered by
the reduced mechanical stress within particles and smaller variations in volume, as has
been demonstrated [5]. Additionally, the nanoscale electrode–electrolyte interface provides
an increased contact area, thereby enhancing kinetic properties and reducing the Li+ ion
transfer pathway [3]. On the other hand, the use of conductive matrix materials including
porous carbon, CNT, graphene, or conducting polymer can significantly improve electron
conductivity and cushion large volume fluctuation, leading to improved rate performance
and cycle stability [4]. Anchoring ultrafine Mn3O4 nanoparticles on a highly conductive car-
bon matrix can be an effective way to achieve an outstanding specific capacity, exceptional
rate capability, and extended cycle life. Several studies have aimed to develop nanocompos-
ites incorporating Mn3O4 nanoparticles, including the ultrasound-assisted in situ growth
of Mn3O4 nanoplates anchored on rGO [6]. After 40 cycles of charging and discharging
at 0.1 A g−1, the specific capacity demonstrated was 1400 mAh g−1. Several studies have
reported on the development of Mn3O4-based nanocomposites with an improved specific
capacity. For instance, Varghese et al. designed a Mn3O4-rGO nanocomposite via hydrother-
mal synthesis, which exhibited a reversible capacity of 474 mAh g−1 when subjected to
100 mA g−1 cycling [10]. A mesoporous Mn3O4/C nanocomposite was directly synthe-
sized via thermolysis by Peng et al., demonstrating a high capacity of 1032 mAh g−1 when
cycled at 200 mA g−1 [11]. Gangaraju reported a graphene–carbon nanotube (CNT)-Mn3O4
composite developed using a microwave technique; cycling the material at 1 A g−1 for
300 cycles resulted in a high capacity of 1337 mAh g−1 [12]. However, some carbon-based
nanocomposites display weak interaction between Mn3O4 nanoparticles and the conductive
carbon matrix, resulting in capacity degradation during long charge–discharge tests.

Since Taberna’s initial report on the use of nanostructured current collectors in high-
power electrochemical energy storage, scientists have been exploring the application of
three-dimensional nanoporous electrodes to tackle issues such as pulverization and capacity
degradation [13]. In this study, a three-dimensional (3D) nanoporous hybrid electrode was
synthesized by the researchers using a simple electrochemical method. The 3D nanoporous
electrode is composed of a CNT@Mn3O4 core–sheath nanocable structure, where Mn3O4
nanoparticles are uniformly anchored onto an interconnected matrix of carbon nanotubes.
The 3D nanoporous electrode exhibits a remarkable performance as an LIB anode, being
characterized by a high specific capacity, exceptional rate capability, and extended cycle
stability. After undergoing 300 cycles of charge and discharge at a rate of 1 A g−1, the
electrode maintained an impressive specific capacity of 1367 mAh g−1. Electrochemical
kinetic analysis indicated that the significant contribution of pseudocapacitance had a
positive impact on its superior lithium storage performance.
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2. Experimental Details

2.1. Synthesis of CNT@Mn3O4 Hybrid Electrode

The reagents utilized in the experiments were of exceptional purity, adhering to
specifications for analytical grade. The carbon nanotubes (CNTs) were obtained from
Chengdu Organic Chemical Company in Chengdu, China. They had an outer diameter of
approximately 50 nm and a length ranging from 0.5 to 2 μm. After undergoing refluxing in
concentrated nitric acid for 6 h, the CNTs were ready for use.

A facile electrochemical synthesis strategy, which combines electrophoretic deposition
with electrochemical deposition, was used to deposit a three-dimensional nanoporous
CNT@Mn3O4 hybrid electrode on a commercial copper foil. The deposition suspension
was prepared by ultrasonically dispersing 13 mg of pretreated CNTs and 120 mg Mn(NO3)2
(50% aqueous solution, AR) in 100 mL of absolute ethanol. A rectangular copper foil
measuring 30 mm by 40 mm was utilized as the cathode, while a rectangular platinum
foil of the same size served as the anode. The copper cathode and platinum anode were
positioned parallel to each other with a 10 mm gap between them in the mixture. The
deposition process was conducted for a duration of 300 s under a constant voltage of 50 volts.
In this deposition process, the electrophoretic deposition of CNT and cathodic deposition of
Mn2+ ions occurred synchronously, resulting in the one-step formation of a hybrid electrode.
A diagram of the specific synthesis steps can be found in Figure S1 of the Supplementary
Information. After deposition, the as-obtained hybrid electrode was initially rinsed with
ethanol to eliminate residual Mn(NO3)2. Subsequently, the CNT@Mn3O4 hybrid electrode
was obtained via calcination in a N2 environment at 300 ◦C for 3 h. Photos of the as-
prepared CNT@Mn3O4 sample deposited on copper foil can be found in Figure S2 of the
Supplementary Information.

2.2. Material Characterization

The structure was examined using a field-emission scanning electron microscope (SEM,
JSM-7001F) and transmission electron microscopy (TEM, JEOL 2010F). The crystallographic
arrangement of CNT@Mn3O4 was identified using X-ray diffraction (XRD, Rigaku D/Max-
2400). The nitrogen adsorption–desorption test at 77 K (BELSORP-Mini II) was employed
to characterize the pore size distribution and specific surface area [14].

2.3. Electrochemical Characterization

The CNT@Mn3O4 was utilized as the active electrode and machined into a circular
shape with a 14 mm diameter by means of a cutting machine. Subsequently, a CR2016-type
coin cell was fabricated in a vacuum glove box (MB-10-G, MBRAUN) featuring a H2O
and O2 content below 1 ppm. The electrolyte utilized in the experiment was a 1 M LiPF6
solution dissolved in a 1:1 (v/v) blend of ethylene carbonate (EC) and dimethyl carbonate
(DMC). The cell was composed of a Celgard 2300 membrane separator, with lithium foil
serving as both the reference and counter electrodes.

The coin cell was subjected to galvanostatic charge–discharge (GCD) tests using a
Neware battery test system. The experiments were conducted across a range of current
densities spanning from 0.1 to 10 A g−1 and under a voltage range of 0.01 to 3 V (vs. Li/Li+)
in order to obtain comprehensive data. Furthermore, cyclic voltammetry (CV) experiments
were performed using an electrochemical workstation (CHI660E) with a fixed voltage
range of 0.01 to 3 V (vs. Li/Li+). Electrochemical impedance spectroscopy (EIS) tests were
conducted using a voltage amplitude of 10 mV and a frequency range spanning 105 to
0.01 Hz. The loading of active material in the electrode film we prepared was determined
to be 0.358 mg.

3. Results and Discussion

3.1. Microstructural Studies

The morphology was examined via SEM and TEM analysis, as depicted in Figure 1.
As shown in Figure 1a, the CNTs were coated with Mn3O4 particles, resulting in a
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CNT@Mn3O4 nanocable with a rough surface and a consistent diameter of approximately
110 nm. The TEM images presented in Figure 1b,c demonstrate the anchoring of Mn3O4
nanocrystals onto the sidewall of the CNTs. As depicted in Figure 1d, the observed lattice
spacings of 2.78 Å and 3.36 Å correspond to the interplanar spacing of the (103) plane of
Mn3O4 (PDF card number 24-734) [15] and the (002) plane of CNTs (PDF card number
26-1079) [5], respectively. The Mn3O4 coating sheath layer had a thickness of approximately
13 nm. This nanocable structure facilitates the transport of electrons.

Figure 1. (a) SEM images of CNT; (b) SEM images of CNT@Mn3O4; (c,d) TEM images of CNT@Mn3O4

nanocable.

The XRD spectrum of the nanocable in Figure 2 reveals that Mn3O4 (PDF24-734) was
the predominant crystalline phase, as evidenced by most of the observed diffraction peaks.
Additionally, the diffraction peak at 2θ = 26.4◦ can be attributed to the (002) crystallographic
plane of the hexagonal carbon structure in CNTs (PDF26-1079). The relatively broad
peaks observed at the (211), (103), and (101) planes of Mn3O4 suggest that the sheath was
composed of nanoparticles. Applying Scherrer’s formula, D = n·λ/(β·cos θ), we calculated
a mean crystal size of ~20 nm for Mn3O4 [16].

Figure 2. XRD patterns of CNT@Mn3O4 nanocable.
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The N2 sorption isotherm depicted in Figure 3a exhibits a type IV isotherm with a
hysteresis loop, indicating the presence of mesopores [15,17]. The CNT@Mn3O4 material
demonstrated a remarkable specific surface area of 75.477 m2 g−1, a total pore volume
of 0.1805 cm3 g−1, and an average pore size of 11.711 nm. The pore size distribution
curve exhibited two distinct peaks: one at approximately 2 nm indicating the presence of
micropores and another broader peak above 10 nm corresponding to mesopores. The high
surface area and the hierarchical pore distribution facilitate rapid migration of lithium ions,
shorten solid diffusion length, and buffer volume expansion during ion insertion into the
active material. Consequently, this material can provide improved power performance as
an LIB anode.

Figure 3. (a) N2 sorption isotherm diagram; (b) pore size distribution.

3.2. Electrochemical Studies

The electrochemical behavior was initially evaluated via cyclic voltammetry (CV).
Figure 4 illustrates the CV profile of the CNT@Mn3O4 electrode, depicting the current
variation as a function of applied potential within the voltage range of 0.01 to 3.0 V vs.
Li/Li+ at a scan rate of 10 mV s−1. A broad cathodic peak at ~1.3 V was observed in the
first stage due to the reduction of Mn3+ to Mn2+ [18,19]. The cathodic peaks observed at
0.02 V during the first scan were attributed to the process of inserting Li+ into the CNT
framework. The reduction characteristic observed at 0.4 V corresponds to the reduction
of Mn(III) to Mn(0). Regarding the anodic branch, the broad peaks observed at 1.3 V are
associated with Mn(II) oxidation to Mn(III), while the other peak corresponds to metallic
Mn oxidation to Mn(II). In subsequent cycles, a solid–solid interface formation caused
the broad reduction peak at ~1.3 V to shift towards 1.4 V. The voltage of the 0.4 V peaks
underwent a downward shift to 0.3 V, which is a characteristic feature of manganese oxide
electrodes and indicates structural rearrangements associated with lithium insertion during
the initial cycle [20,21]. The absence of any noticeable variation between the second and
subsequent cycles, coupled with the excellent cycling stability observed, is indicative of the
material’s high reversibility for lithium storage [10,22]. This underscores its electrochemical
reaction mechanism.
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Figure 4. CV curves of the CNT@Mn3O4 nanocable at 10 mV s−1.

Initial discharge cycle:

Mn3O4 + Li+ + e− → LiMn3O4 (1.5–0.5V vs. Li/Li+);
Mn3O4 + Li+ + e− → Li2O + 3MnO (1.5–0.5V vs. Li/Li+);
MnO + 2Li+ + 2e− → Li2O + Mn (0.5–0.0 V vs. Li/Li+).

Initial charge cycle:

Li2O + Mn → MnO + 2Li+ + 2e− (0.5–3.0 V vs. Li/Li+).

Another criterion for assessing the performance of electrode materials is their rate
capability under various applied currents. As depicted in Figure 5a, the component ex-
hibited a high capacity of 869 mAh g−1 at a current density of 0.1 A g−1 and maintained
a relatively impressive capacity of 309 mAh g−1 even when the current density was in-
creased to 10 A g−1, which is highly comparable to previously reported values [23–25].
Upon returning to a current-specific mass of 0.1 A g−1, the ingredient demonstrated excep-
tional reversibility with a capacity retention of 900 mAh g−1, indicating its superior rate
performance and cycle stability.

Figure 5. (a) Rate performance of the CNT@Mn3O4 nanocable; (b) charge–discharge curves of the
CNT@Mn3O4 nanocable under varying current loads.

Figure 5b shows the galvanostatic charge–discharge (GCD) plots at different electric
current densities. A slight variation in the polarization voltage of the electrode material was
observed with an increase in current density, indicating that the electrode material has high
electron and ion conductivity. The high conductivity is attributed to the unique nanocable
structure, whereby CNTs provide rapid electron transport and the 3D nanoporous morphol-
ogy facilitates efficient ion transportation [26,27]. Simultaneously, it served as a structural
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support to mitigate the volume expansion and exhibited capacitive behavior in the form of
linear platforms with negative slopes ranging from 0 to 0.5 V, which may be attributed to
lithium storage at the interface [14].

The stable voltage plateau observed at 0.5 V is attributed to the Faradaic involvement
of the Li+ insertion mechanism. As current density increases, this platform becomes slightly
shorter and eventually disappears at current densities greater than 5 A g−1. The sluggish
reaction kinetics of the Mn3O4 sheath are primarily responsible for this phenomenon [28].
Encouragingly, no significant capacity reduction was observed below 0.5 V due to the
capacitive nature of interfacial lithium storage. As is well known, capacitive behavior is
characterized by a high rate capability, which can be attributed to the interfacial lithium
storage mechanism described above.

Simultaneously, the discharge platform of capacitor performance prevails, aligning
with the high current charge and discharge characteristics of capacitor energy storage.
This capacitance contribution greatly facilitates rapid transmission of Li+, resulting in
exceptional reversible capacity and long-cycle stability [9]. This observation offers further
insight into the outstanding high rate performance of these materials.

The cycling performance of the CNT@Mn3O4 electrode was assessed by carrying out
galvanostatic charge–discharge (GCD) experiments at a current density of 1 A g−1. As
depicted in Figure 6a, the coulombic efficiency exhibited a sharp rise to approximately
98% and remained stable throughout subsequent cycles, which can be attributed to the
enhanced reversibility of CNT@Mn3O4. From cycles 2 to 60, the specific capacity of the
battery decreased from 768 to 511 mAh g−1, but then consistently increased and reached
1389 mAh g−1 in the later cycles. It is not uncommon for previous studies to report an
increase in capacity [29,30]. The primary potential factors contributing to this phenomenon
were as follows. (1) Electrochemical grinding is caused by repeated volume expansion and
the lithiation–delithiation process can result in contraction of the electroactive material. This
leads to an increase in contact area between the active site and the electrolyte. (2) Lithium
storage at the two-phase interface between metal and Li2O can be achieved [13]. (3) The
reversible formation and dissolution of the solid electrolyte interphase (SEI) layer enables
lithium storage [31]. (4) The CNT substrate served as a scaffold to mitigate the volume fluc-
tuations that occur during charge and discharge cycles, ensuring capacity stability [32–34].
(5) The robust architecture of the hybrid nanomembranes [35]. The TEM images of the
CNT@Mn3O4 materials after different cycles in Figure 6b–d provide evidence to support
these conclusions. In particular, Figure 6b,c demonstrate that Mn3O4 nanoparticles are
uniformly distributed on the CNT scaffold, resulting in a highly porous three-dimensional
structure. As the lithiation–delithiation cycle progressed, as shown in Figure 6d, the active
material underwent increased porosity and loosening, thereby enhancing the number of
active sites associated with electrochemical reactions and resulting in an optimal lithium
storage capacity for the composite.

The CV splines of CNT@Mn3O4 were tested at a scan rate of 10 mV s−1 after different
cycles. At the 60th cycle, the capacity reduced its minimum and then began to increase.
After 60 iterations, the format of the CV document remained consistent with the output
preceding the loop. After 200 and 300 cycles, the reduction peak at 0.02 V and oxidation peak
at 2.1 V were significantly intensified, which can be attributed to the reaction progression
and increased electrochemical grinding effect on the lithium storage interface, resulting in
an increase in capacity. For more comprehensive information, please refer to the relevant
figures and explanations provided in Figure 6. Furthermore, it should be noted that the
length of the discharge–charge platform depicted in Figure 7b increases proportionally
with the number of cycles, thus providing additional evidence to support this conclusion.

151



Batteries 2023, 9, 389

Figure 6. (a) The cycling stability of the CNT@Mn3O4 nanocable as anodes for LIBs at a current
density of 1 A g−1; (b) TEM images of the CNT@Mn3O4 nanocable before cycling; (c) after 60 cycles;
(d) after 300 cycles.

Figure 7. (a) CV splines of the CNT@Mn3O4 nanocable at 10 mV s−1 after different cycles; (b) charge–
discharge curves of the CNT@Mn3O4 nanocable at a current density of 1 A g−1.

The electrochemical performance of the CNT@Mn3O4 nanocable material for lithium-
ion storage was evaluated using a GCD approach. Figure 7b illustrates the discharge–charge
profiles of the CNT@Mn3O4 nanocable material at a current density of 1 A g−1 within the
voltage range of 0.01 to 3 V (vs. Li/Li+) over multiple cycles. During the initial cycle, the
CNT@Mn3O4 nanocable material exhibited a discharge capacity of 814 mAh g−1 and a
charge capacity of 1307 mAh g−1. The primary irreversible capacity loss occurred during
the formation of a solid electrolyte interphase (SEI) layer, which arose from the decom-
position of the electrolyte. In the sixtieth cycle, the coulombic efficiency of the specimen
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increased to 98%; however, its capacity reached a nadir due to inadequate wettability at
the interface between electrolyte and active material. As charging and discharging pro-
ceeded, capacity gradually recovered. After three hundred revolutions, a charging capacity
of 1386 mAh g−1 and a discharging capacity of 1367 mAh g−1 were achieved due to the
secondary activation and electrochemical reaction, resulting in an impressive coulombic
efficiency of approximately 98.6% [30,36]. The performances exhibited superior characteris-
tics compared to those previously reported [4,31,33,37]. The charge and discharge voltage
plateaus were observed at approximately 0.4 V, 1.3 V, and 2.1 V, respectively. These findings
are consistent with the results obtained from the CV curves depicted in Figure 7a.

To further investigate the factors contributing to the superior efficacy of CNT@Mn3O4
as an electrode material for LIBs, cyclic voltammetry (CV) measurements were conducted
with scan rates ranging from 0.2 to 1.2 mV s−1 to analyze the kinetics of the electrode. The
position of the redox peak in the CV curve remained consistent across different scanning
rates, indicating a stable electrochemical performance. The high electrochemical reversibil-
ity indicates the potential of electrode materials to store energy through both Faraday and
non-Faraday process [28,38], which can be qualitatively examined using CV measurements
obtained at various scan rates [39]:

i = avb

where a and b represent Ka. The slope of the log (i) to log (v) curve can be utilized
for calculating the b value, which characterizes the charge storage dynamics during the
charge–discharge process. A b value of 0.5 indicates a Faraday process controlled by
diffusion [9], whereas a b value of 1 signifies that the electrode is governed by capacitance
behavior [40,41]. As depicted in Figure 8b, the b value of the cathodic peak at 0.4 V
for the CNT @ Mn3O4 electrode was determined to be 0.65, while that of the anodic
peak was calculated as 0.8. This equation suggests that the electrochemical reaction is
primarily influenced by the interplay between the diffusion mechanism and the capacitive
response. Furthermore, the current output at a specific potential can be separated into
two components. One is diffusion-controlled partial current (k1ν

1/2), as illustrated by the
following equation [42]:

i (V) = k1ν
1/2 + k2ν

Both k1 and k2 are variables that can be calculated based on the slope of the i(V)/ν1/2

and ν1/2 curves, respectively. The parameter k2 serves as a discriminant for capacitive
current (k2ν) from the total current. Figure 8c illustrates that the CNT@Mn3O4 electrode
contributes to a capacitance of 73.4% at a scanning speed of 1 mVs−1. Figure 8d summa-
rizes the capacitance contributions at different scan rates, which were found to be 46.0%,
58.0%, 67.3%, 70.6%, 73%, and 77% at scan rates of 0.2, 0.4, 0.6, 0.8, 1, and 1.2 mVs−1,
respectively. The graph depicted in Figure 8e illustrates that the CNT@Mn3O4 electrode’s
capacitance contribution reached a remarkable 89% after undergoing 300 cycles at a scan
rate of 1 mV s−1, indicating the predominant role played by the energy storage process
in its capacity contribution [43,44]. There are two primary factors contributing to this ob-
servation. Firstly, the CNT@Mn3O4 electrode material exhibits a remarkably high specific
surface area of 75.477 m2 g−1 based on BET testing, which enhances surface adsorption and
provides Faraday capacitance. Secondly, during cycling, Mn3O4 generates nanoscale LiO2
and M, which create numerous interfaces. These interfaces provide capacitive interfacial
lithium storage and significantly contribute to the overall capacitance of the electrode [14].
The analysis of electrochemical kinetic test data suggests that capacitive energy storage
processes play a crucial role in lithium (li) storage, particularly at high scan rates. The
significant contribution of capacitance is highly advantageous for the quick transfer of Li+

ions, ultimately resulting in improved reversible capacity and prolonged cycle stability of
the battery [14].
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Figure 8. (a) CV curves with scan rates from 0.2 to 1.2 mV s−1; (b) log i vs. log v plots at oxidation
and reduction state; (c) capacitive contribution at 1 mV s−1; (d) the capacitive capacity contribution
at various scan rates; (e) capacitive contribution at 1 mV s−1 after 300 cycles.

The behavior of capacitive electrodes was analyzed using EIS. The Nyquist plots
of CNT@Mn3O4 exhibited a partial semicircle and a straight sloping line, as depicted in
Figure 9. The size of the semicircle in the diagram indicates the Faradic charge transfer resis-
tance (Rct), which reflects the electrode’s surface area and conductivity [31]. Alternatively,
the diffusion of ions was correlated with the straight sloping line. In the high-frequency re-
gion, the intercept associated with electrolyte resistance (Rele) in the Nyquist plot increased
over cycles, indicating enhanced lithium-ion penetration into the active component surface
area during cycling. Moreover, the slope of the sloping line became steeper with cycling,
indicating that CNT@Mn3O4 exhibited enhanced electrolyte ion diffusion during the redox
reaction [31].
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Figure 9. EIS of the CNT@Mn3O4 nanocable after different cycles.

The graded porous network structure of CNT@Mn3O4 facilitates the effective in-
filtration of the electrolyte into the pores of the electrode material, thereby mitigating
polarization and augmenting its specific capacity. A lower Rct value was observed as a
result of the graded porous network structure. However, after 300 cycles, there was a
substantial increase in Rct, which was attributed to volume fluctuations in the electrode
material, dissolution and aggregation of Mn3O4 nanoparticles, and transformation of the
spinel Mn3O4 [45,46].

To gain a more comprehensive understanding of the electrochemical mechanism, the
electrode’s EIS was examined both before and after cycling. As depicted in Figure 9 by
the purple line, the EIS prior to cycling displays an intersection point on the real axis at
high frequency that represents electrolyte resistance—primarily caused by electrolyte and
other battery components—which is ohmic in nature. The decay in the low-frequency
range is indicative of the charge transfer resistance and the permanent phase element at
the interface between the electrode and electrolyte. CPEct is associated with the electric
double-layer capacitor, while W1 characterizes diffusion-related phenomena in the system,
including the salts and lithium-ion diffusion into the active material [32,47]. The linear
region at the low-frequency range depicts this phenomenon. After the 200 cycles, the EIS
exhibited three distinct segments, each featuring an equivalent series resistance (Rs) in the
high-frequency region. This parameter is closely related to the ohmic portion of electrode
impedance and encompasses contributions from electron transport.

Several factors influence the behavior of an electrode, including its conductivity, the
ionic conductivity of the electrolyte solution, and any electrical contact resistance associated
with battery hardware, current collectors, or electrode materials. The arc in the mid-to
high-frequency range represents the resistance (RSEI) and capacitance (CSEI) of the SEI layer,
while the arc in the medium-frequency range corresponds to charge transfer resistance (Rct)
and a constant phase element at the electrode–electrolyte interface. The constant phase
element (CPE) is associated with double-layer capacitance, whereas linear decay observed
in the low-frequency region can be attributed to W, which represents lithium-ion diffusion
through an electrode [32].

Based on the blue lines in Figure 9, the semicircle radius of the electrode was sig-
nificantly reduced after cyclic activation, indicating a smaller Rs due to the presence of
CNT@Mn3O4 nanostructures during cycling. The accumulation of CNTs hindered the
aggregation of Mn3O4, resulting in increased interlayer spacing and a higher number of
electroactive sites. This facilitates charge transport and electrolyte infiltration, as evidenced
by the steeper slope and shorter line lengths in the low-frequency region after 200 cycles.
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The lithium diffusion rate was accelerated, while the change in the diffusion path was
minimized. These observations are consistent with those from TEM analysis shown in
Figure 6, which indicate that the electrode became more porous and independent after
cycling. Moreover, the nanostructures retained their original morphology, providing further
evidence of their exceptional lithium storage performance.

4. Conclusions

In this study, the researchers employed the electrophoretic deposition technique to
fabricate a CNT@Mn3O4 nanocable electrode material. This approach enabled direct depo-
sition of active material onto commercially available copper foil, which can function as a
current collector for LIBs. Moreover, the absence of a binder contributed to the enhanced
quality and efficiency of the battery. The CNT@Mn3O4 material exhibited an impressive
stable reversible capacity of 1335 mAh g−1 at a current density of 1 A g−1, demonstrating
exceptional cycling stability and rate performance. The unique 3D nanoporous architecture
of this material enables effective absorption of large volume fluctuations and enhances
the speed of electron transfer and transport of lithium ions during charging and dis-
charging processes. Incorporating a porous carbon coating can effectively protect the
active material from pulverization, while also enhancing cycling stability and enabling
faster charging/discharging rates through increased electrical conductivity. Therefore, the
CNT@Mn3O4 composite material exhibits great potential as a superior anode material for
high-performance lithium-ion batteries. This study offers a novel perspective on synthesiz-
ing high-performance electrode materials using simple and cost-effective methods. The
results of this study are expected to advance the development of rechargeable lithium-ion
batteries with high power and a long cycle life for energy storage applications.

Supplementary Materials: The following supporting information can be downloaded at: https:
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