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Structure and Phase Transformations in Thin Films
Reprinted from: Coatings 2023, 13, 1233, doi:10.3390/coatings13071233 . . . . . . . . . . . . . . . 1

Mohamed Arfaoui, György Radnóczi and Viktória Kovács Kis
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Micropillar Compression Study on the Deformation Behavior of Electrodeposited Ni–Mo Films
Reprinted from: Coatings 2020, 10, 205, doi:10.3390/coatings10030205 . . . . . . . . . . . . . . . . 21
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Editorial

Structure and Phase Transformations in Thin Films

Zsolt Czigány

Centre for Energy Research, Institute of Technical Physics and Materials Science, Konkoly Thege M. út 29-33,
H-1121 Budapest, Hungary; czigany.zsolt@ek-cer.hu

1. Introduction

The field of thin films has gone through a great development in recent decades. Besides
the multiple applications of thin films, an increasing competence can be observed in tailor-
ing the film microstructure via composition and deposition parameters. The first approach
led to the development of, e.g., multicomponent carbide, nitride and oxynitride [1,2] hard
coatings and superalloys [3,4], and turned recent interest towards high-entropy alloys [5–8].
The latter approach resulted in significant improvement of deposition techniques where
energetic surface bombardment can influence surface mobility and the formed bonding at
the growth surface [9,10]. Revealing the microstructure is inevitable for understanding how
defects, the ordering of atoms within the crystalline unit cell or the formation of multiple
phases and their arrangement influences the performance of coatings on the macroscopic
scale. Structural features on the nanoscale may also provide excellent properties to novel
nanocomposites and special nanolaminated structures, e.g., MAX phases [11–13]. The
achievements that can be quantified in terms of hardness, elasticity, corrosion resistance or
adhesion can be utilized in the improved lifetime of coatings and coated parts. However,
we know little about the effect of additives and their role in the secondary phase formation
and segregation and their influence on macroscopic properties (e.g., corrosion). Moreover,
the research is often limited to the formed phases and structures. The existing knowledge
should be completed with the exploration of the mechanism of the ongoing processes by
their in situ monitoring. The recent development of state-of-the-art in situ TEM specimen
holders may boost the available information about the structural transformations due to an
elevated temperature, deformation or chemical ambient.

2. Review of Special Issue Contents

This Special Issue [14–23] aimed at attracting cutting-edge research and review ar-
ticles on the preparation and characterization of materials with excellent properties or
the related modelling approaches. The published papers in this Special Issue cover a
wide range of topics, including high-entropy alloys [14], hard materials [15,21,23], ef-
fects of additives [15,17,18] on structure and properties, and the identification of Magnéli
phases [22]. Computer modelling of magnetic properties [19,20] and optical modelling of
dielectric function [16] are also represented in this volume.

The first published paper [14] presents an in situ TEM-annealing study of the mi-
crostructural evolution of CrFeCoNiCu high-entropy alloy (HEA) thin films. A post-
annealing investigation of the samples was carried out using high-resolution transmission
electron microscopy and EDS measurements. The film is a structurally stable single-phase
FCC HEA up to 400 ◦C. At 450 ◦C, the formation of a BCC phase was observed; however,
the morphology of the film was preserved. This type of transformation is attributed to
diffusionless processes (martensitic or massive), while the fast morphological and struc-
tural changes above 550 ◦C are controlled by volume diffusion processes. The structure
of the intermetallic phase formed at high temperatures is modelled as a supercell of the
BCC phase.

The second paper [15] shows an example of how additives can influence the mechan-
ical properties of a material. They studied the influence of 0.4–5.3 at% Mo addition on
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the compression behaviour of electrodeposited Ni films using micropillar deformation
tests. They observed a lower grain size and higher dislocation and twin density at high Mo
content, the differences of which resulted in a four-times higher yield strength compared to
low Mo samples. The strain softening of low Mo samples after repeated deformation was
attributed to detwinning during deformation.

In the third paper [16], amorphous Ge (a-Ge) was created in single-crystalline Ge via
ion implantation. It was shown that high optical density is available when implanting
low-mass Al ions using a dual-energy approach. The optical properties were measured
using multiple angle of incidence spectroscopic ellipsometry. The Cody–Lorentz dispersion
model was the most suitable and was capable of describing the dielectric function using a
few parameters in the wavelength range from 210 to 1690 nm. The results of the optical
model were consistent with Rutherford backscattering spectrometry and cross-sectional
electron microscopy measurements, including the agreement of the layer thickness within
experimental uncertainty. Accurate reference dielectric functions play an important role
in the research development and reproducible preparation of optical materials, such as in
integrated optics, optoelectronics or photovoltaics.

In the fourth paper [17], the effect of (~28 and 32 at%) N incorporation was investigated
using X-ray diffraction on nitrogen-containing 304 stainless steel thin films deposited by
reactive RF magnetron sputtering as a function of substrate temperature and bias. The
extent of the diffraction anomaly, i.e., relative peak shifts of (111) and (200) peak positions,
was determined using a calculated parameter, denoted RB = sin2θ111/sin2θ200. The normal
value for RB for FCC-based structures is 0.75, and RB increases as the (002) peak shifts
closer to the (111) peak. In this study, the RB values for the deposited films increased with
substrate bias but decreased with substrate temperature (but still always >0.75). Since
the split of 200 reflection (due to assumed tetragonal distortion) was not observed, a
defect-based hypothesis is more viable as an explanation for the diffraction anomaly.

In the fifth paper [18], amorphous hydrogen-free silicon nitride (a-SiNx) and amor-
phous hydrogenated silicon nitride (a-SiNx:H) films were deposited via radio frequency
(RF) sputtering applying various hydrogen flows. The refractive index of 1.96 was char-
acteristic for hydrogen-free SiNx thin film, and with increasing H2 flow, it decreased
to 1.89. Hydrogenation during the sputtering process increased the porosity of the thin
films compared with hydrogen-free SiNx. Higher porosity is consistent with a lower refrac-
tive index. The hydrogen content of hydrogenated films was 4 at% and 6 at% according to
Fourier-transform infrared spectroscopy (FTIR) and elastic recoil detection analysis (ERDA),
respectively. The molecular form of hydrogen was released at a temperature of ~65 ◦C
from the film after annealing, while blisters of 100 nm in diameter were formed on the thin
film surface. The low activation energy deduced from the Arrhenius method indicated the
diffusion of hydrogen molecules.

The sixth paper [19] provides a study of the Néel phase transition temperature of
Fe2O3 nanocomposite thin films via Monte-Carlo simulation taking into account a variety of
parameters. They found that particle size and magnetic field are the main parameters that
determine the temperature of Neél transition (TNtot). The results also show that in Fe2O3
thin films, TNtot is always smaller than in the case of Fe2O3 nanoparticles and bulk Fe2O3.
For a nanoparticle size of 12 nm, TNtot = 300 K. Furthermore, there is a linear relationship
between TNtot and nanoparticle size. The results can be utilized in the design of magnetic
devices and in biomedical applications.

The seventh paper [20] is another computer simulation modelling of the ferroelectric
substrate influence on the condition and magnetic properties of 2D ferromagnetic nanofilms
using the two-dimensional Frenkel–Kontorova (FK) potential to simulate the substrate
effect on the film. The Ising model and Wolf cluster algorithm are used to describe the
magnetic behaviour of an FM film. The results show that uniform deformations of the
substrate lead to inhomogeneous deformations of the film. The interaction between the
substrate and film causes film deformations leading to superstructures with low and high
atomic concentrations. Heating or external electric field can cause substrate deformations,
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and consequent substrate-induced structural phase transition takes place. The Curie
temperature decreases with both substrate compression and stretching.

In the eighth paper [21], the properties of TixZr1−xN hard coatings were investigated.
TixZr1−xN films with Zr/(Zr + Ti) molar ratios from 20% to 80% were prepared with multi-
arc ion plating using different combinations of either elemental Ti and Zr or TiZr alloy
targets. The as-deposited TixZr1−xN films formed substitutional fcc solid solutions with a
lattice constant consistent with Vegard’s law. When the Zr/Ti molar ratio was 40:60 or 60:40,
the films showed (111) and (220) preferred growth orientation, while at other compositions,
the films exhibited (111) preferred orientation. These two compositions coincide with the
hardness maxima with values over 30 GPa.

In the ninth paper [22], the structure and phase transition of V4O7 Magnéli phase was
investigated. A thin film of vanadium oxide Magnéli phase V4O7 was produced using
cathodic arc sputtering of V target at 600 ◦C and 0.045 Pa of oxygen atmosphere. The stoi-
chiometric composition of V4O7 was confirmed using Rutherford backscatter spectrometry.
The similarity of structures of Magnéli phases may make it challenging to identify the
phase precisely using X-ray diffraction, especially if the sample is nanostructured, highly
textured, and strained. The authors proved that Raman spectroscopy can be a sensitive
indicator of minor structural changes even at room temperature with the careful tuning of
the laser power on the sample. Metal–insulator phase transition in V4O7 thin films was
observed via Raman spectroscopy between −50 and −55 ◦C.

In the tenth paper [23], the composition of AlCrTiN quaternary nitride films is op-
timized. Ternary nitrides, like TiCrN, generally form face-centred cubic solid solutions
and have superior properties in terms of phase composition, hardness, and thermal shock
resistance and adhesion to the substrate due to the addition of alloying elements. The effect
of high Al content was investigated in this work. AlCrTiN hard coatings were prepared via
reactive multi-arc ion plating on high-speed steel substrates via the co-deposition of AlCr
and AlTi dual-arc source alloy targets in N. The optimal composition of the AlCrTiN hard
films is 25:13:15:47 (at%), based on the consideration of hardness, adhesion, and thermal
shock cycling resistance. This optimal AlCrTiN hard film can be suggested as an option for
protective coatings in applications up to 600 ◦C.

Funding: National Research Development and Innovation Fund Office, Hungary, Grant Number:
K-125100.

Conflicts of Interest: The author declares no conflict of interest.
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Abstract: In-situ TEM-heating study of the microstructural evolution of CrFeCoNiCu high entropy
alloy (HEA) thin films was carried out and morphological and phase changes were recorded.
Post annealing investigation of the samples was carried out by high resolution electron microscopy
and EDS measurements. The film is structurally and morphologically stable single phase FCC HEA up
to 400 ◦C. At 450 ◦C the formation of a BCC phase was observed, however, the morphology of the film
remained unchanged. This type of transformation is attributed to diffusionless processes (martensitic
or massive). From 550 ◦C fast morphological and structural changes occur, controlled by volume
diffusion processes. Fast growing of a new intermetallic phase is observed which contains mainly Cr
and has large unit cell due to chemical ordering of components in <100> direction. The surface of the
films gets covered with a CrO-type layer, possibly contributing to corrosion resistance of these.

Keywords: high entropy alloy; in-situ TEM annealing; thermal stability; diffusionless transformation;
planar disorder; oxide formation

1. Introduction

High entropy alloys (HEAs) are multi-component alloys in which at least five elements of
concentration between 5 and 30 at % are combined [1]. The basic idea is to reduce the Gibbs free energy
through maximizing the configuration entropy, which facilitates the formation of random solid solution
rather than a complex microstructure built up by intermetallic compounds [2,3]. Thus, studying the
structure and stability of HEA during high temperature treatments [4–6] both at the micro- and atomic
levels, is a critical issue in understanding of their growth processes.

Detailed structural investigations of bulk HEA have shown that some ordered solid solutions as
well as intermetallic compounds can precipitate from the homogeneous matrix at room temperature
(RT) and at elevated temperatures as well. For example, ordered FCC phases were found at RT
in the Al0.5CoCrCuFeNi [7] and Al0.3CoCrFeNi [8] as well disordered BCC and ordered B2 phases
in Al0.5CoCrCuFeNi [9] and AlxCoCrFeNi [10]. The size and the lattice parameter of these BCC
grains have been found to be of the order of ten micrometers and 0.289 nm respectively, regardless of
their composition.

Several studies deal with structural changes in HEAs at elevated temperatures. The CrFeMnCoNi
alloy, considered as a stable HEA at temperatures below its melting point, formed both carbide and
σ phase at grain boundaries of the FCC matrix after prolonged exposures to 700 ◦C [11]. Recent
investigations show that in the same material three different phases (L10-NiMn, B2-FeCo and a Cr-rich
body-centered cubic, BCC phase) can precipitate at the grain boundaries after long time annealing
in the 500–900 ◦C temperature interval [12]. With a minor addition of Al to CrFeCoNi HEA it also

Coatings 2020, 10, 60; doi:10.3390/coatings10010060 www.mdpi.com/journal/coatings
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became unstable leading to the formation of a Cr-rich phase after a long time annealing at 750 ◦C [13].
The formation of σ phase is reported after annealing at 1000 ◦C for 15 min of the CrCuCoFeNi alloy
as well [14]. Synchrotron XRD results [15,16] show that the microstructure at RT of bulk as-cast
CrFeCoNiCu alloy exhibits two FCC phases of lattice constants 0.361 nm and 0.358 nm. One of these
phases is Cu-poor with dendritic morphology and the other is a Cu-rich interdendritic phase. Moreover,
the two-phase structure is preserved even after a heat treatment at 1100 ◦C and 1250 ◦C and, in parallel,
the Cu content of the interdendritic region increased [17,18].

Most of these results were obtained with the aim of understanding structural changes within
the as cast or homogenized HEA at elevated temperatures, and indicate that the effect of sluggish
cooperative diffusion and negative mixing entropy of elements, which inhibits the growth of new
phases and nanoparticles at low temperatures, diminishes under heat treatment.

Based on these experimental results, scientific attention has been focused on the application
of HEAs as thin film materials. Due to the higher cooling rate and vapor-solid formation
mechanism [15], these films can provide different (nano) structural properties compared to bulk
HEA. The Al0.5CrFeCoNiCu [19] thin film reported by Chen et al. in 2004 showed a FCC single solid
solution based on X-ray diffraction. According to TEM, the CrFeCoNiCu (200 nm thick HEA thin
film) grows in face centered cubic solid solution and no obvious Cu segregation was observed even on
the nanometer scale [15,20]. This supports the great potential of the sputtering technique to produce
uniform elemental distribution leading to single phase nanostructure due to fast quenching rate as
compared to the as-cast samples.

Regarding structural changes of HEA thin films at elevated temperatures only a few in-situ
experiments have been published. For example, in-situ X-ray diffraction studies were carried out
on 1 μm thick AlCoCrCuFeNi thin films in the temperature range 110–810 ◦C by Dolique et al. [21].
They found that AlCoCrCuFeNi films were stable up to 510 ◦C, which indicates an inferior thermal
stability to their bulk counterpart (800 ◦C). The effect of Al on thermal behavior of AlxCoCrFeNi film
was investigated by in-situ TEM heat treatment at 500 ◦C and 900 ◦C as well [22]. The results clearly
confirmed that increasing the Al content initiates the formation of B2/BCC phases, which are precursors
of a sigma phase.

The in-situ in TEM heating and electron irradiation experiment of a 100 nm thick sputtered
CrFeCoNiCu HEA thin film in the temperature range 20–720 ◦C [23] also supports the formation of
BCC/B2 phases at 300 ◦C, which is followed by sigma phase formation at 720 ◦C. However, a recent,
in-situ TEM heating of the same polycrystalline alloy confirmed microstructure stabilization up to
300 ◦C during 1800 s [24]. On the other hand, it is also known, that the atomic structure (FCC or BCC
or both phases) in these alloys play a sensitive role in the mechanical properties [16,18] as well in the
nucleation pathway of the sigma phase [10,22,23]. At the same time, the early stages of phase evolution
and transformation mechanisms leading to the formation of ordered intermetallic phases (e.g., L12, B1,
and sigma) at intermediate and elevated temperatures in multicomponent films are still not revealed
in details.

The present work is motivated by the need for a better understanding and controlling the initial
stages of phase and compositional instability of as deposited CrFeCoNiCu HEA thin films with
increasing temperature. To achieve this goal in-situ TEM-heating study of the microstructural evolution
of CrFeCoNiCu thin film is carried out at intermediate and elevated temperatures up to 700 ◦C to
record the morphological and phase changes from as early stages as possible.

2. Materials and Methods

CrFeCoNiCu high entropy (HEA) films were deposited in a high vacuum system by direct current
magnetron sputtering. Films with a thickness of 50 nm were grown at room temperature on cleaved
NaCl substrate coated with about 5 nm SiOx layer as well as on 30 nm thick amorphous SiOx film
substrate supported by Cu micro-grids. The substrates were placed at a distance of 120 mm from
the target in the centre of the rotating substrate holder. The equiatomic concentration arc melted
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CrFeCoNiCu target of 99.95%, purity was mounted 25◦ toward the vertical. The background pressure
of the deposition system was 9 × 10−6 Pa. High purity Ar was used as sputtering gas at a pressure of
0.25 Pa. The target was pre-sputtered for 5 min before deposition with the shutter closed. The DC
power and the deposition time were set to 50 W and 5 min respectively resulting in a 50 nm thick film.
The films grown on the NaCl/SiOx substrate were floated off from NaCl and placed on a micro grid.
The in-situ annealing was carried out in a Philips CM20 transmission electron microscope, operated at
200 keV. The temperature was raised in steps of 50 ◦C from room temperature up to 700 ◦C, having
the temperature constant at each step for 5 min. The vacuum in the microscope specimen area was
maintained at 4.5 × 10−5 Pa during the whole in-situ annealing process.

Two kinds of in-situ annealing experiments were carried out. First, the changes were followed by
selected area diffraction (SAED), recording diffraction patterns from the same area of 1 μm in diameter
at the end of each temperature step. For the evaluation of the SAED patterns, the camera constant was
calibrated using a 50 nm thick self-supporting random nanocrystalline Al thin film.

In the second case bright field (BF) images were recorded at magnification of 50,000× at the end
of each temperature step. The experiments were performed in the way to ensure the observation of
changes preferably in the same area of the film. In both in-situ runs (SAED and BF), the sample was
quenched to room temperature after having it hold at 700 ◦C for 5 min.

Energy dispersive X-ray spectroscopy (EDS) (Themis 200 G3 Super-X EDS detector, Eindhoven,
The Netherlands) analysis was performed to verify the composition of the samples before and after
annealing. Further structural and EDS characterization of the 700 ◦C annealed sample was carried
out by a FEI-Themis transmission electron microscope (Themis 200 G3, Eindhoven, The Netherlands)
with a Cs corrected objective lens, in both HREM (High Resolution Electron Microscope) and STEM
(Scanning Transmission Electron Microscope) mode (point resolution is around 0.09 nm in HREM
mode and 0.16 nm in STEM mode) operated at 200 kV.

3. Results

3.1. Morphology and Diffraction Analysis of the Film during Heating

As can be seen in Figure 1, the electron diffraction pattern of the as-deposited film indicates the
presence of a single FCC solid solution phase while the image shows a fine-grained microstructure of
about 5–10 nm average grain size. The crystallographic orientation of the grains is random as verified
by tilting experiments: the intensity distribution along the diffraction rings does not change up to 35◦
of tilt angle. By averaging the lattice constants from all measurable FCC rings, the size of the unit cell
of the FCC-phase is calculated to be 0.360 nm, very close to that of pure FCC Cu, and is in agreement
with values published for the same alloy in literature [15,20,23].

The initial processes taking place during in-situ annealing are the target of the present investigations.
Selected stages of the transformation of the CrFeCoNiCu film as followed by SAED and TEM bright
field (BF) images are shown in Figure 2.

From the analysis of the SAED patterns (Figures 1a and 2a) we conclude that up to 400 ◦C only the
as grown FCC phase could be observed, and accordingly, BF images (Figure 2b) indicate that the same
polycrystalline structure with a grain size about 5–10 nm was preserved. Thus, it could be concluded
that the film was structurally stable up to 400 ◦C.

At 450 ◦C a new diffraction ring appears in the electron diffraction pattern. Careful analysis of
the SAED pattern allowed identifying further diffraction rings which correspond to a BCC phase of
lattice parameter aBCC = 0.294 ± 0.010 nm. So, we could conclude that at 450 ◦C the CrFeCoNiCu HEA
film had a two-phase structure, composed from the original FCC and the newly formed BCC phase.
It is important to note that these two lattices were related to each other by fulfilling the following
relation: d(111)FCC = d(110)BCC, i.e., the lattice spacing of the {111} planes in the FCC phase was equal
to the lattice spacing of the {110} planes of the BCC phase. No morphological changes were detectable;
also the BCC grains could not be identified based on their morphology.
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Figure 1. Electron diffraction pattern (a) and bright field TEM image (b) of the as-deposited CrFeCoNiCu
high entropy alloy (HEA) film. The electron diffraction pattern indicates a single phase FCC structure.

Upon further heating, up to 550 ◦C a few grains with somewhat larger size appear randomly
distributed over all of the film area. The diffraction rings of the FCC host phase show texture-like
redistribution manifested by the appearance of higher intensity arcs on the rings. At this temperature
only the original FCC HEA phase changes, no similar texture-like redistribution was observed in the
diffraction rings of the BCC phase.

At 600 ◦C a drastic change in the microstructure occurs. New grains with larger size appear as
marked by A in Figure 2b and grow rapidly to a size of several 100 nm at the expense of the existing
two-phase matrix. These grains must belong to the already existing BCC phase as the diffraction rings
belonging to the BCC phase (Figure 2a, 600 ◦C) became discontinuous, indicating grain size growth
and, consequently, fewer and larger BCC grains in the same selected area. Nevertheless, at 600 ◦C the
diffraction pattern contains only the FCC and BCC reflections, i.e., no new phases formed. On the other
hand, also at this temperature a redistribution of the film material could be observed. Thin, apparently
void-like areas formed and grew in the FCC–BCC matrix (B in Figure 2b).

 
(a) 

Figure 2. Cont.
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(b) 

Figure 2. Diffraction patterns (a) and in-situ TEM bright field images (b) recorded at temperatures
marked in individual images.

The number of the large grains increased further at 650 ◦C (Figures 2b and 3). In agreement
with this observation the BCC rings in the diffraction pattern contained more and stronger spots.
Some growth of the matrix (FCC) grains could also be concluded from Figure 2b, however, the FCC
rings in the diffraction pattern (Figure 2a, 650 ◦C) remained continuous, indicating only minor changes.
In addition, many new reflections appeared including a diffraction ring at 0.25 nm (marked by arrows
in Figure 2a).

 
Figure 3. (a) Bright field (BF0 TEM image and (b) selected area diffraction (SAED) pattern of a 1μm in
diameter area (b) of the HEA film, recorded at 700 ◦C.

At 700 ◦C the scattered reflections already observed at 650 ◦C increase in number and strength
and the diffraction rings of the BCC phase (a = 0.294 nm) became even less continuous though still can
be distinguished. This observation implies further grain growth of the A type grains (BCC phase) in
the 650–700 ◦C temperature interval (Figures 2 and 3). On the other hand, the diffraction rings of the
FCC phase became also spotted (Figure 3), indicating a grain growth or/and decrease in number of the
FCC grains. As a result, the film had a bimodal grain size distribution (Figure 3a). The grains of the
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matrix phases (mainly FCC) and the large grains (A in Figure 3a) were present having a grain size of
20–50 nm and of about a few hundred nm, respectively.

According to the phase analysis of the diffraction pattern recorded at 700 ◦C (Figure 3b) the
L12 simple cubic phase reflections of the same lattice parameter as the host HEA FCC phase
(a = 0.360 nm) were identified besides of the BCC phase (a = 0.294 nm). Moreover, another small grain
size FCC phase of a = 0.420 nm was present, which could be identified as a complex oxide phase [25].

The measured and calculated lattice spacing values of the identified phases are summarized
in Table 1. As seen from Table 1, there were a lot of overlaps between lattice distances of the four
identified phases.

Table 1. Lattice distances of phases measured in the HEA film after annealing at 700 ◦C for 5 min
(Figure 3) and calculated values for the expected phases.

Measured
d-Values (nm)

Possible Phases

L12 (a = 0.360) BCC (a = 0.294) FCC-Oxide (a = 0.420) HEA FCC (a = 0.360)

d-Value hkl d-Value hkl d-Value hkl d-Value hkl

0.360 0.360 100

0.248 0.255 110 0.242 111

0.209 0.208 111 0.208 110 0.210 200 0.208 111

0.180 0.180 200 0.180 220

0.161 210

0.150 0.147 211 0.147 200 0.148 220

0.126 0.127 220 0.127 311 0.127 220

0.12 221 0.12 211 0.121 222

0.110 0.109 311 0.105 400 0.109 311

0.100 0.104 222 0.104 220 0.096 331 0.104 222

The textured reflections we considered to belong to the FCC and L12 phases. In this diffraction
pattern the BCC phase could not be clearly observed, its scattered reflections became hardly visible in
the 650–700 ◦C temperature interval, the overlaps with the FCC and L12 phases were evident (Table 1).
All the rings especially at larger d values were composed of reflections belonging to slightly different
spacings. This could be due to composition and consequently lattice parameter fluctuations in the
alloy. Nevertheless, the diffraction patterns in Figure 2a unambiguously show, that the 0.150 nm ring
cannot belonged to the BCC and L12 phases only, as at 700 ◦C it reappeared and it was composed
from much smaller grains than the L12 and BCC phases had (continuous ring versus spotty rings). So,
together with the 0.248 nm ring, which had the same character, the 0.150 nm ring must belong to the
FCC oxide phase, the small grain nature of which would be seen in the HREM images below.

3.2. Microstructure Analysis of the Film Annealed at 700 ◦C

A detailed high resolution structure and composition analysis of the film, formed during in-situ
annealing to 700 ◦C was carried out in a FEI Titan-Themis microscope at room temperature.

The High Angle Angular Dark Field (HAADF) image and elemental maps of the annealed film
are shown in Figures 4 and 5. Figure 4 shows grains with dark gray contrast having the lowest average
Z in their composition. These grains correspond to dark grains marked A in Figure 2b (600 ◦C) and 3
as well as in Figure 4. These grains, formed in the temperature range between 600 and 700 ◦C were
embedded in a lighter matrix of higher Z.
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Figure 4. High Angle Angular Dark Field (HAADF) image of the HEA film annealed at 700 ◦C,
measured at room temperature. The frames show the areas used for elemental composition analysis.

Figure 5. Representative HAADF-STEM image of CrFeCoNiCu alloy film annealed at 700 ◦C, and its
EDS elemental maps showing the distribution of Cr, Fe, Co, Cu, and Ni in the film.

The chemical composition of different morphologies can be found in Table 2. The small grained
areas are close in composition to the original HEA with some deficit of Cr and surplus of Cu in them
(locations M1 and M2 in Table 2 and Figure 4). Locations A1 and A2 in Table 2 and Figure 4 correspond
to dark gray grains and contain mainly Cr (about 63 at. %), while Ni and Co content was significantly
less, as indicated by elemental maps in Figure 5. These results show that separation of the components
in the originally single phase, homogeneous solid solution HEA film took place during the annealing
above 600 ◦C.

Besides that, the Cr map (Figure 5) shows that smaller grains, with diameter 20–50 nm could also
be enriched in Cr. Fe, Co, and Ni were distributed rather evenly in the remaining matrix (Figure 5).
The Cu distribution, however, proved to be inhomogeneous on 10–20 nm scale. The elemental maps
also indicate that the Cr-rich grains were depleted in Fe, Co, Ni, and Cu, as the Cr map and maps of
the other four metal components were complementary.

A general HRTEM view of the structure is shown in Figure 6a. In this figure the remaining mainly
FCC HEA metallic phase was seen having a grain size of 20–50 nm, and larger grains (marked A in
Figures 3a and 6a) of the Cr-rich phase were present.
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Table 2. Chemical composition of the HEA film annealed at 700 ◦C in areas marked in Figure 4 and
measured by energy dispersive X-ray spectroscopy (EDS) in STEM.

Z Element Family
Area in Figure 4

A1 A2 M1 M2

Atomic Fraction (%)

24 Cr K 62.39 63.29 15.06 10.27
26 Fe K 12.93 13.86 17.63 19.11
27 Co K 6.46 9.09 18.57 18.18
28 Ni K 4.10 1.28 19.28 24.22
29 Cu K 14.12 12.47 29.47 28.22

 

Figure 6. (a) Low magnification image showing spatial relationship of the Cr-rich intermetallic phase
(A) and the residual HEA phase formed during in-situ annealing up to 700 ◦C. (b) Lattice resolution
image of the Cr-rich phase. On the Fourier transform (lower right corner) two directions, corresponding
to the unit cell of BCC phase (with a0 = 0.294 nm) are indicated. Note the diffuse scattering parallel to
[001]*. Black arrows indicate 1.18 nm periodicity, which is four times the lattice parameter (0.294 nm) of
the BCC lattice. (c) Enlarged Fourier filtered image made with the discrete (001 and 110 in BCC notation)
Fourier components of (b), (d) Enlarged Fourier filtered image made with the 1

2
1
2 l diffuse scattering

(continuous line) on (b). White arrows indicate non-periodic fringes parallel to (001). Note the presence
of the 0.588 nm periodicity in (d) as well.

The internal structure in the large grains displays a striped contrast, corresponding to a large
lattice spacing in them. The HRTEM image of these crystallites (grains) and the fast Fourier transform
(FFT) diffraction pattern in the insert is shown in Figure 6b. The lattice fringe image was dominated by
two spacings making 86◦ with each other and having periods 0.59 nm and 0.204 nm, not possible in
the BCC cell. However, the Fourier transform implies close structural relationship of the Cr-rich phase
large grains with the BCC phase formed at 450 ◦C (aBCC = 0.294 ± 0.010 nm). The structural relationship
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was illustrated by the directions corresponding to the BCC lattice in Figure 6b. Doubling the periodicity
with respect to BCC phase was evident in the Fourier transform; however, based on the appearance of
the 1/(4 × 0.294) nm−1 periodicity in the reciprocal lattice, (2 × 2 × 4)aBCC size repeating units were
deduced for the structure of this grain (Figure 6a). Additionally, a continuous/diffuse scattering of the
1
2

1
2 l reflections was observed parallel to the [001]*BCC direction, indicating non-periodicity along the

crystallographic c axis (Figure 6b). In Figure 6c,d Fourier filtered images of the same area are shown.
In Figure 6c the periodic components corresponding to the BCC 001 and 110 distances are shown

and all the other components were removed from the image by filtering. The image visualizes the
periods, corresponding to aBCC = 0.294 nm = d001 and at an angle of 90◦ to this, a period of spacing
0.208 nm ((110) planes in the BCC cell) representing the contribution of the BCC phase (Table 1) to the
structure of these grains. Figure 6d, shows a Fourier filtered image made with the 1

2
1
2 l (BCC notation)

diffuse scattering (continuous lines) in the insert of Figure 6b. The white arrows in the image indicate
atomic planes parallel to 001 fringes seen in Figure 6c, however, at a rather random spacing (planar
disorder). Nevertheless, the multiplies of the basic fringe spacing of the BCC lattice (d002 = 0.147 nm)
in the [001] direction, i.e., the 0.294 nm and 0.588 nm (2 × aBCC) still can be observed. Moreover,
the [001] direction of the BCC lattice coincides with [001] of the (2 × 2 × 4) aBCC size cell. So, the Cr-rich
grains named A type in Figure 6a (and A in all other figures) can be considered a Cr-rich intermetallic
phase with a unit cell 2 × 2 × 4 times the unit cell of the BCC phase, observed at and above 450 ◦C.

In Figure 7 the HREM analysis of the type “voids” (B in Figure 3a) was carried out. As one can
see, these areas were really voids in the metallic film, however, they contained material in the form of
an apparently amorphous layer and small, 5–10 nm in size crystalline particles. The amorphous layer
could be considered to be mainly the supporting SiOx layer. The analysis of the FFT diffraction pattern
results in an FCC phase with about 0.42 nm lattice parameter (Figure 7c).

 

 

Figure 7. (a) Post-annealing high resolution image of the HEA (annealed at 700 ◦C) of an area marked
B in Figure 3. White rectangle indicates the area of subsequent EDS mapping. (b) Magnified image of
the area B in (a) showing crystalline particles. (c) Fast Fourier transform (FFT) diffraction of the region
in (b) indexed according to an FCC oxide structure with lattice parameter a = 0.42 nm.
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Local EDS measurement of the composition inside the “void” proves that these areas were
dominated by Cr accompanied by only a little amount of the remaining HEA metal components (area #1
in Figure 8 and in Table 3). Areas #2 and #3 in Figure 8 and in Table 3 indicate compositional fluctuation
on the tens of nm scale implying that the redistribution of components is going on. The composition
measured in the whole area in Figure 8 demonstrates that the composition of the original HEA phase
on average was basically preserved in the film. These results lead to the conclusion that the crystals,
which remained in the voids have a possible composition Cr4-xMxO4 (M can be Co, Fe, Ni or Cu)
corresponding to four molecules in the FCC unit cell of either CrO [25] or a HEA-oxide [26] type phase.

 

Figure 8. STEM HAADF image of the film annealed at 700 ◦C and the areas used for quantitative
EDS analysis.

Table 3. Elemental composition measured in the areas marked in Figure 8. Analysis of spectrum:
from a hole (Area#1), two small areas in the matrix (Areas #2 and #3) and the whole area of the STEM
image in Figure 8.

Z Element Family
Atomic Fraction (%)

Area #1 Area #2 Area #3 The Whole Area

24 Cr K 83.62 8.20 29.04 21.00
26 Fe K 1.86 22.09 21.96 21.37
27 Co K 1.56 18.84 19.61 19.95
28 Ni K 0.66 20.93 17.28 19.44
29 Cu K 12.29 29.94 12.10 18.24

4. Discussion

As we could clearly see from Figure 2, the changes of the structural transformations of the
as-deposited CrFeCoNiCu HEA thin film could be divided into three temperature intervals. There
were no changes below 400 ◦C, minor changes occur below 600 ◦C, and from this temperature rapid
morphological transformations and separation of the components took place.

In the low temperature range below 400 ◦C at the present annealing periods no measurable
changes occurred in the structure of the FCC CrFeCoNiCu HEA film.
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During the annealing step at 450 ◦C a minor quantity of a new phase was observed with BCC lattice
of a = 0.294 nm very close to that of Cr (a = 0.291 nm) and Fe (a = 0.288 nm). However, the identification
of the grains of the BCC phase proved not to be straightforward. The BCC grains were located among
the grains of the host FCC phase, having the same grain size. (Figure 2). This situation was preserved
up to 550 ◦C. However, the nature of the FCC to BCC phase transformation was unclear. It could
occur by nucleation and growth, probably accompanied by separation of components or by massive
transformation without it. It could also happen by martensitic transformation, which according to [27],
could occur by a simple deformation mechanism, leading to well defined crystallographic relationship
of the starting FCC and the resulting BCC phases. In the case of the two diffusionless transformation
mechanisms, i.e., massive and martensitic, the original random distribution of the components was
preserved. In the case of diffusion, transformation implies chemical ordering of components (without
their separation) in the originally single phase FCC HEA structure, containing the five constituting
components in random distribution. Chemical ordering induces the formation of superstructures,
which manifests itself in the appearance of extra reflections in the diffraction pattern with respect
to the random FCC or BCC phases. As there were no extra (forbidden) reflections detected with
respect to the HEA FCC and the BCC (consequently HEA BCC) phases up to 550 ◦C (Figure 2a) the
preservation of the fully random distribution of the components was confirmed. This, together with the
unchanged morphology supports that below 550 ◦C the kinetics of formation of the HEA BCC phase
should take place by a diffusionless mechanism. Similar diffusionless transformation was reported for
AlxCoFeNiCrCu bulk alloys [10] and attributed to the changing of Al content. In the present case the
transformation in the CrFeCoNiCu HEA film occurred without any BCC forming additives and was
triggered only by the increasing temperature. Summarizing, it can be inferred that the diffusionless
formation mechanism of the HEA BCC phase is the first stage of transformations in the CrFeCoNiCu
alloy films before the separation processes of components start and formation of further phases occurs.

Above 600 ◦C, (Figures 2 and 3), we could establish that besides the residual matrix, in which the
FCC HEA grains represent the majority phase, other grains an order of magnitude larger in size exist.
These larger grains, which mostly contain chromium, and indicate that separation of components
occurred (Figure 4 and Table 2 as well as Figure 5), have superstructure reflections and also diffuse
scattering in their FFT diffraction pattern. The superstructure reflections implying large unit cell
parameters are integer multiples of the cell parameter of the HEA BCC phase. An example of such a
Cr-rich grain with 2 × 2 × 4aBCC cell size is presented in Figure 6. We attributed the formation of the
large (2 × 2 × 4 times the BCC) unit cell Cr-rich phase to the ordering processes during the ongoing
separation of components in the HEA alloy.

As indicated by the diffuse scattering (Figure 6b) observed in the Fourier transforms of the
Cr-rich grains, these grains exhibit an aperiodic structure as well, which is related to chemical disorder.
The direction of diffuse scattering coincides with the [001]* reciprocal vector of the BCC phase and
can be attributed to planar disorder in these crystals. The proposed planar disorder means, that the
atomic planes of the large unit cell of the Cr-rich phase normal to the [001] direction do not have a
real translational symmetry along [001] (Figure 6d) in the entire grain, but one or more of the five
components concentrates on different (008) planes of the Cr-rich grain. However, other ordering
patterns are also possible. This means, that the structure is regular for not more than a few unit cells
(Figure 6d), then the ordering pattern changes. In some cases this can mean single atomic planes with
different order/composition from their neighborhood resulting in “infinite” reciprocal rods, parallel to
the [001]* reciprocal vectors as observed in Figure 6b in the form of the streaks. However, as individual
reflections in the FFT diffraction pattern along [001]* containing the BCC reciprocal vectors remain
visible, we suppose, that this kind of planar disorder is the property of the large cell, within which the
composing former BCC cells (a = 0.294 nm) are preserved at least partly (Figure 6c). This explains the
decrease of the number of BCC type reflections at temperatures above 650 ◦C as seen in Figures 2a and
3, because the reflections of the Cr-rich phase and the BCC phase coincide only partly. It also has to
be noted that, according to our HRTEM observations, various pathways of separation and ordering

15



Coatings 2020, 10, 60

may exist, the example presented is only one of them. This can account for the numerous scattered
reflections in the diffraction pattern taken at 700 ◦C (Figure 3) practically without regular positioning,
which hampers a general description of these structures. A possible phase, present in the annealed up
to 700 ◦C films, is the sigma phase [28,29]. It is known that Cr is a strong sigma phase former below
700 ◦C, which can be deduced from the binary alloy phase diagrams of Cr-Co, Cr-Fe, or from Cr-Co-Fe
ternary phase diagram [30]. The crystal structure of the sigma phase [29] belongs to the tetragonal
space group with lattice parameters of a = 8.8 Å and c = 4.5 Å.

It was reported in the literature [10,21,22,31] that the nucleation pathway of Cr containing sigma
phase prototype of Cr-Co and Cr-Fe alloys formed either through the BCC/B2 phase or directly from
the FCC matrix. BCC/B2 phase prototypes can be transformed to sigma phase due to the high affinity
of Cr toward Co, Cr, or Fe. In our case we believe that Cr–rich phase is developed from the HEA
BCC phase observed in the 450–650 ◦C temperature interval and serves as a precursor of the sigma
phase. This is supported also by the fact that the HEA BCC phase and the Cr-rich phase have a strict
epitaxial relation.

From Table 1 we can see, that after the annealing at 700 ◦C the structure is probably composed of
several phases not easily separable from each other due to the observed crystallographic similarities.
The textured fraction of the FCC HEA phase is still the dominating one with a fraction of it transformed
to the L12 phase. Having a closer look to the nature of the 0.248 nm ring (Figure 3) we could conclude
that it has a mixed character. It has discrete diffraction spots, with a preferred orientation coinciding
with that of the FCC HEA phase, which can be attributed to an ordered L12 phase. On the other
hand, the 0.248 nm ring has a faint continuous ring as well, indicating a much smaller crystallite size.
This ring we attributed to the FCC oxide phase, being a surface Cr-oxide with a = 0.42 nm as proven by
HRTEM (Figure 8, Table 3). The most difficult task was the identification of the HEA BCC and the
ordered Cr-rich phases in the diffraction pattern (Figure 3). HEA BCC rings completely overlapped
with those of the L12 phase. Regarding the Cr-rich grains, the large periodicities corresponding to the
2 × 2 × 4aBCC and similar unit cells were not detected in the in-situ SAED pattern (Figure 2a), maybe
due to their low intensities (see also Figure 3). All the other reflections coincided with the FCC and
L12 HEA phases, and could not be separated even on the basis of the continuous or spotty nature of
the diffraction rings (Table 1). However, they were present in the FFT patterns of the high resolution
images (Figure 6). Furthermore, post annealing elemental mapping of the samples (Figure 5) shows
that small grains rich in either Cr or Cu are present in the structure indicating that the separation of
components begins with Cr and Cu. So, the conclusion was that short time (5 min) 50 ◦C annealing
steps result in a multiphase structure representing the initial stages of transformations, which were
still far from equilibrium.

Summarizing the events above 600 ◦C, the HEA BCC grains served as precursors of the newly
forming large Cr-rich grains and a transformation through ordering processes led to larger lattice
periods in this phase. The grains of the Cr-rich phase were growing mainly laterally, remaining in the
plane of the film (Figure 5 and areas 1 and 3 in Table 3). They were growing fast at the expense of the
surrounding (still mainly nanocrystalline FCC HEA) matrix. During their growth, as it was related
to the separation of the components from the surrounding matrix, the rate limiting kinetics must be
volume diffusion. To get some insight into the kinetics of this process the activation energy of the
growth rate of Cr-rich grains was estimated according to the procedure used in [32]. The calculated
value of the activation energy for this process is 160 ± 30 kJ/mole and corresponded fairly well to that
of bulk diffusion of Fe in Cu 187 kJ/mol in the temperature range between 650 and 1000 ◦C [33]. On this
basis the rate limiting process in the high temperature range (T ≥ 600 ◦C) could be attributed to the
lattice self-diffusion of components in the HEA alloy.
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The strong affinity of Cr to oxygen resulting in a surface layer of Cr3MO4 (M can be: Fe, Co, Ni,
or Cu) like composition in the void regions as well as over the whole film area (Figures 7 and 8) could
be possibly responsible for an anticorrosive property of these alloys.

5. Conclusions

The CrFeCoNiCu HEA alloy films were stable in their FCC structure up to 400 ◦C.
At 450 ◦C a HEA BCC phase appeared in the film. This change was considered to occur by a

diffusionless phase transformation. The structure, composition and grain size of the newly formed
BCC grains corresponded to the HEA FCC grains.

The separation of the components began above 550 ◦C. The actual activation energy of this process
was estimated to be around 160 kJ/mol. It must be related to lattice diffusion in the HEA alloy, which
should be the rate limiting process during transformations above 550 ◦C. These transformations were:

• A new phase with a large unit cell, epitaxial to the already formed BCC phase started growing.
The cell parameters correspond to 2 × 2 × 4 units of the BCC cell. The crystals possessed a planar
disorder of atomic planes in one of the <001> directions, though the BCC lattice was preserved as
an internal skeleton of their structure.

• Formation of voids occurred in the metallic part of the film. These voids were, however,
still containing a nano-crystalline phase of the composition close to CrO and having an FCC
lattice of about 0.42 nm period. This must be the part of a surface chromium oxide layer, possibly
contributing to corrosion resistance of these films.
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Abstract: The influence of Mo addition on the compression behavior of Ni films was studied by
micropillar deformation tests. Thus, films with low (0.4 at.%) and high (5.3 at.%) Mo contents were
processed by electrodeposition and tested by micropillar compression up to the plastic strain of about
0.26. The microstructures of the films before and after compression were studied by transmission
electron microscopy. It was found that the as-deposited sample with high Mo concentration has a
much lower grain size (~26 nm) than that for the layer with low Mo content (~240 nm). In addition,
the density of lattice defects such as dislocations and twin faults was considerably higher for the
specimen containing a larger amount of Mo. These differences resulted in a four-times higher yield
strength for the latter sample. The Ni film with low Mo concentration showed a normal strain
hardening while the sample having high Mo content exhibited a continuous softening after a short
hardening period. The strain softening was attributed to detwinning during deformation.

Keywords: Ni–Mo films; micropillar compression; strain-softening; twins; detwinning

1. Introduction

Alloying with Mo is an effective way to tailor the physical properties of Ni. For instance, the
Curie temperature decreases significantly with increasing Mo concentration in Ni [1]. For pure Ni,
the temperature of transition from ferromagnetic to paramagnetic state is 354 ◦C which is reduced to
about 60 ◦C when the Mo concentration increases to about 5 at.% [1]. On the other hand, the hardness
and the wear resistance of Ni considerably increase with the addition of Mo, therefore Ni–Mo alloys
are often used as hard coatings [2]. The improvement of hardness and wear resistance with grain
refinement is a general phenomenon for Ni-based coatings, be achieved either with alloying or with
incorporation of ceramic particles [3]. Alloying may result not only in the decrease of the grain size
but also in the increase of the lattice defect density [4]. It has been shown that Mo addition enhances
the density of twin faults [4] which improves the hardness since twin faults are obstacles against
dislocation motion similar to grain boundaries [5]. In the case of alloying, the chemical nature of the
added element also affects the mechanical properties, and this is why tungsten is a common candidate
besides molybdenum for alloying nickel [6]. In dispersion-hardened coatings, the primary hardening
factor is the grain refinement as a result of the particle incorporation, regardless of the properties of the
particles incorporated [3].

As with their physical behaviour, Ni–Mo alloys also obtained attention due to their chemical
properties. Ni–Mo is applied as a catalyst in hydrogen production either in the form of coating or
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powder since this material shows a high activity and a long-term stability in this process [7–9]. In
bulk form, Ni–Mo is used as a substrate for epitaxially grown superconducting coatings as the sharp
cube texture formed after rolling and subsequent annealing in Ni–Mo alloys is beneficial for the layer
deposition [10]. Thus, Ni–Mo alloys have drawn significant attention from the scientific community
due to their important applications in either bulk, powder or thin layer form.

Ni–Mo electroplated films can be produced by codeposition of Ni and Mo [11,12]. This is a typical
induced codeposition process which means that the incorporation of Mo in the layer is induced by the
deposition of Ni, i.e., pure Mo cannot be obtained by electroplating. The conditions of electrodeposition,
such as bath composition, pH value, current density and stirring, influence strongly the concentration
of the deposited Mo [13–15]. It was shown that the Mo content can reach 74 at.% in electrodeposited
Ni films, but in this case the current efficiency became extremely low (about 1%) [15,16]. It has also
been revealed that appropriate additives may facilitate the deposition of Mo in Ni [17].

Former studies revealed that the Mo content significantly influences the microstructure and
hardness of Ni electrodeposits [4,18]. Namely, the grain size decreased while the density of lattice
defects (e.g., dislocations and twin faults) increased with increasing Mo concentration. As a consequence,
the hardness of the layers was considerably enhanced with the addition of Mo [18,19]. For instance,
the hardness of a pure nanocrystalline Ni film was found to be about 4.3 GPa which increased to
5.5–6.0 GPa when 3–13 at.% Mo was codeposited with Ni [20]. It is noted that this hardness can
be further enhanced with the application of annealing at 400–550 ◦C for 1 h [20,21]. This effect is
referred to as anneal-hardening and may cause an increase of the hardness with a factor of two for
electrodeposited Ni–Mo films. This hardening was explained by the segregation of Mo solutes to
Ni grain boundaries which impeded both dislocation emission from grain boundaries and the grain
boundary sliding during straining. Although the hardness of Ni–Mo films was studied extensively, the
stress-strain response for these materials has not been studied yet.

In this paper, the deformation behavior of electrodeposited Ni–Mo films with lower (0.4 at.%) and
higher (5.3 at.%) Mo contents was investigated by micropillar compression. This test has already been
applied to the study of the mechanical properties of Ni, Ni-W and Ni-ceramic composite films [22–25].
At the same time, to the knowledge of the authors, this is the first micropillar compression on Ni–Mo
films. It will be shown that not only the yield strength but also the strain-hardening behavior exhibits
significant differences in the two layers. For the explanation of the different mechanical performances
of the Ni films with low and high Mo contents, a detailed characterization of the microstructure was
conducted before and after compression.

2. Materials and Methods

2.1. Film-Processing by Electrodeposition

Ni–Mo films were processed by electrodeposition at room temperature (RT) using a solution
containing 0.52 mol/liter NiSO4, 0.26 mol/liter sodium citrate, 0.1 g/liter sodium dodecylsulfate as
wetting agent, and Na2MoO4 in varying concentration up to 6 mmol/liter. To minimize the impurity
content of the films, a high-purity nickel sulfate salt with a Co concentration lower than 50 ppm was
applied in the electroplating process. The pH of the bath was set as 6.1 ± 0.08 since this value yielded a
very high Ni deposition efficiency (about 98%) [26]. Although saccharin is known as an efficient stress
reliever for the deposition, it was not applied because the resulting sulfur content in the deposits may
also impact the mechanical properties of the films. The current density was selected as −5.6 mA/cm−2.
This current density was about one order of magnitude lower than the values used commonly for the
production of Ni–Mo films. The low current density yielded similarly high efficiency of deposition
(96–98%) as obtained for pure Ni. Then, the Mo content in the films was tailored by changing the Mo
concentration in the bath. Two films were deposited with low (0.4 ± 0.1 at.%) and high (5.3 ± 0.4 at.%)
Mo contents. These values were determined by energy-dispersive X-ray spectroscopy (EDS) in an FEI
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Quanta 3D scanning electron microscope (SEM, Thermo Fisher Scientific, Waltham, MA, USA). The
electrodeposited samples with low and high Mo contents are denoted as LMo and HMo, respectively.

The deposition of the Ni–Mo films was carried out on a Cu substrate. First, the substrate was
degreased and then placed horizontally at the bottom of the cell. A nickel wire spiral served as the
counter electrode which was immersed into a frit-separated chamber of the cell in order to avoid the
contamination of the deposit with the disintegrated grains of the anode. The deposition was stopped
when the desired film thickness (about 20 μm) was achieved.

2.2. Microstructure Characterization of the As-Grown Film by Transmission Electron Microscopy

Transmission electron microscopy (TEM) was used for the determination of the average grain size
in the as-deposited Ni–Mo films. The TEM samples were thinned by ion milling using liquid nitrogen
cooling in order to avoid undesired annealing during thinning. In this procedure, GATAN G1 low
temperature glue was used at 60 ◦C for fixing the sample in a Ti disk with a diameter of 3 mm. Then, the
specimen was milled by Ar ions with the energy of 7 keV until perforation. The TEM experiments were
carried out by a Philips CM20 electron microscope (Philips, Amsterdam, The Netherlands) operating
at 200 keV. The mean grain size was determined as the average of the diameters of the grains identified
in dark-field TEM images. About twenty grains were evaluated in this way for each film.

2.3. Characterization of the Crystallographic Texture of the Ni–Mo Films

The crystallographic texture of the films was characterized by the analysis of X-ray diffraction
(XRD) pole figures which were measured by a Smartlab diffractometer made by Rigaku company,
Japan using parallel-beam optics and Cu Kα radiation with the wavelength of 0.15418 nm. Before
the pole figure measurements, diffraction patterns were taken by the Smartlab diffractometer using
Bragg-Brentano geometry. The diffraction angles for reflections 111, 200 and 220 were determined for
both Ni–Mo layers and these 2θ values were used in the pole figure measurements.

2.4. Micropillar Compression Test

The deformation behavior of the Ni–Mo films was studied by micropillar compression. Micropillars
with square cross sections were fabricated by a focused ion beam (FIB) in the same SEM microscope as
used in EDS experiments (see Section 2.1). The edge and the height of the pillars were 3 and 6 μm,
respectively. The compression experiments were carried out by a home-made indenter device using a
flat-ended cylindrical punch. The precision of the indentation depth and the load were ~1 nm and
~1 μN, respectively. In the present experiments, the maximum applied load was ~15 mN. The technical
details of the indenter device can be found in reference [27]. To ensure the reproducibility of the
compression data, three micropillars were fabricated and compressed for each film. SEM images were
also taken on the pillars before and after deformation.

2.5. Characterization of the Microstructure of the Micropillars before and after Compression

The microstructure of the pillars before and after compression was studied by TEM and
high-resolution TEM (HRTEM). First, thin sections parallel to the longitudinal axis of the pillars
were cut using the FIB technique. Then, these foils were thinned by ion milling until perforation using
Ar ions. The HRTEM structural characterization of the samples was carried out by a FEI Titan-Themis
transmission electron microscope with a Cs corrected objective lens (point resolution is around 0.09 nm
in HRTEM mode) operated at 200 kV.

3. Results

3.1. Microstructure of the As-Deposited Ni Films with Low and High Mo Contents

Figure 1 shows dark-field TEM images taken on the films LMo and HMo (lateral view). The
average grain sizes determined from TEM images are ~240 and ~26 nm for samples LMo and HMo,
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respectively. Figure 1a also reveals that the large grains bordered by white dashed curves contain
subgrains in the LMo film, appearing as bright and dark regions inside the grains. The size of these
subgrains varies between 20 and 50 nm which is in good agreement with the diffraction domain size
determined formerly by X-ray line profile analysis (XLPA) [4]. Namely, the average diffraction domain
size was obtained as ~40 nm from fitting the experimental X-ray diffractogram using a theoretical
pattern calculated for the description of the diffraction peak broadening caused by the ultrafine-grained
microstructure [4]. For sample HMo, the X-ray diffraction domain size was ~47 nm which is slightly
higher than the grain size determined by TEM. This difference can be explained by the many orders
of magnitude larger volume studied by XLPA as compared to TEM. Nevertheless, the similar grain
and diffraction domain sizes for layer HMo indicate that for this film the grains were not divided
into subgrains.

 
Figure 1. Dark-field transmission electron microscope (TEM) micrographs showing the grains in films
with (a) low Mo content (LMo) and (b) high Mo content (HMo). In (a) the grains are bordered by white
dashed curves for a better visibility.

The TEM image in Figure 2a shows that the nanograins in sample HMo contain twin faults.
Former XLPA investigation revealed that the twin fault probability in layer HMo is as high as ~3.9%
which corresponds to an average twin fault spacing of ~5 nm. This value is in accordance with the
visual impression obtained from the HRTEM image in Figure 2b where some twin faults are indicated
by white arrows. A magnified part of this HRTEM picture is Fourier-filtered in Figure 2c. In this image,
only the (200) lattice fringes are shown. The yellow dashed lines indicate twin faults. The white arrow
in Figure 2c marks the end of a twin lamella in the grain interior which usually comprises partial
dislocations [28]. Sample LMo does not contain significant amount of twin faults as suggested by
both TEM and XLPA since the twin fault probability determined by the latter method was under the
detection limit (<0.1%) [4].
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Figure 2. Bright-field TEM micrograph (a) and high-resolution TEM (HRTEM) image (b) taken on
sample HMo. The white arrows indicate some twin faults. (c) shows a magnified and Fourier-filtered
part of (b) (indicated by the blue frame). The dashed yellow lines mark twin faults. The white arrow in
(c) indicates a twin lamella ending in the grain interior.

The crystallographic textures for samples LMo and HMo are characterized by the 111, 200 and
220 pole figures shown in Figure 3. The normal vector of the film surface is perpendicular to the plane
of the pole figures. It is evident that the LMo film has a strong 200 texture parallel to the film normal.
For sample HMo, no preferred orientation was detected.
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Figure 3. Pole figures for orientations 111, 200 and 220 as obtained by X-ray diffraction (XRD) for
samples LMo and HMo. The normal vector of the film surface is perpendicular to the plane of the
pole figures.

3.2. Compression Behavior of the Micropillars Fabricated from the Ni–Mo Films

As an example, Figure 4a,b show a micropillar fabricated from the film LMo before and after
compression. The engineering stress versus plastic strain curves for samples LMo and HMo are plotted
in Figure 5a,b, respectively. Very similar curves were obtained for other pillars manufactured from the
same film. The engineering stress was obtained as the ratio of the applied force and the initial cross
section of the pillars. The plastic portion of the engineering strain was calculated as follows. First,
the engineering strain was determined as the ratio of the displacement and the initial pillar height
(6 μm). Then, the elastic part of the strain was calculated as the ratio of the engineering stress and
the elastic modulus. The latter quantity was determined as the slope of the initial linear part of the
engineering stress-strain curve. Finally, the plastic strain was calculated as the difference between the
total engineering strain and the elastic strain.

 
Figure 4. A micropillar under the indenter before (a) and after (b) compression for the film LMo.

26



Coatings 2020, 10, 205

Figure 5. Engineering stress versus plastic strain obtained by micropillar compression for the films
LMo (a) and HMo (b).

The yield strength values for samples LMo and HMo were obtained as 0.35± 0.05 and 1.3± 0.2 GPa,
respectively. The sample LMo showed a monotonous hardening while the film HMo exhibited a
strain-softening after an initial hardening stage. The maximum compressive stress values were 0.86
and 2.4 GPa for specimens LMo and HMo, respectively. These stresses were achieved at the plastic
strains of 0.26 (at the end of the test) and 0.04 for the films LMo and HMo, respectively. The stress-strain
behavior of sample LMo is not surprising; however, the strain-softening for film HMo is unusual.
Therefore, the reason of this softening for sample HMo was studied by comparing the microstructures
before and after micropillar deformation. These results are presented in the next section.

3.3. Changes of the Microstructure in the Ni Film with High Mo Content during Micropillar Compression

A TEM study was conducted on the microstructures of uncompressed and compressed micropillars
manufactured from the film HMo. Figure 6 shows illustrative examples for the bright-field and the
corresponding dark-field TEM images obtained before and after compression up to the plastic strain of
0.26. The average grain size determined from the images was about 24 nm for both the uncompressed
and compressed micropillars, i.e., it remained unchanged during deformation. This value is practically
the same as the grain size (~26 nm) obtained from the TEM images taken on the as-processed film HMo.
It should be noted, however, that some larger grains with the size of about 100–200 nm were also found
both before and after compression. As an example, a large grain in the compressed pillar is marked by
a yellow ellipse in Figure 6d. This grain contains twin lamellas as revealed by the dark-field image in
Figure 6d. It is noted that large grains were also observed in the uncompressed pillars. The numbers
and the diameters of these grains were similar before and after compression. For example, long twin
lamellas in a large grain can be seen at the bottom of Figure 6a taken on an uncompressed pillar. These
large grains were formed in the nanocrystalline matrix during deposition and micropillar compression
did not yield either their fragmentation or growth due to the relatively low plastic strain (about 0.26).
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Figure 6. Bright-field (a,b) and the corresponding dark-field (c,d) TEM images taken on uncompressed
(a,c) and compressed (b,d) micropillars for sample HMo.

The HRTEM images in Figure 7 show a high density of twin faults in both the uncompressed and
compressed pillars for film HMo. The crystallographic direction <110> is lying perpendicular to the
images. The twin boundaries are marked by white lines. Comparing Figure 7a,c, it seems that the twin
fault density is lower for the compressed pillar than that in the undeformed state. Figure 7b shows
a magnified part of Figure 7a. In this picture, bright and dark lattice fringes are visible parallel to
the {111} planes and the periodicity of these fringes is three times larger than the lattice spacing for
planes {111}. The Fourier transform of this HRTEM image can be seen in the lower right corner of
Figure 7b which reveals that beside the fundamental fcc diffraction points additional spots appeared
on the <111> lines of the reciprocal lattice, dividing the spacing between the fcc reciprocal lattice points
into three. A former study explained these extra diffraction points by single and double diffraction
from twins [29]. The different twin variants are indicated by numbers in Figure 7b. In some areas of
Figure 7b, more than one twin variant exists overlapping each other in the TEM foil, which resulted in
double diffraction of electrons.
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Figure 7. HRTEM images taken on uncompressed (a,b) and compressed (c) micropillars for the film
HMo. The white lines indicate twin faults. (b) is a magnified part of (a) marked by the black frame.
The diffraction pattern in (b) is obtained as the Fourier transform of the corresponding HRTEM image.

4. Discussion

The film HMo exhibited a much higher yield strength (~1.3 GPa) than that measured for sample
LMo (~0.35 GPa). This difference can be explained by the combined hardening effect of the smaller grain
size and the higher lattice defect (e.g., twin fault) density for the specimen HMo. Indeed, twin faults
are similarly effective obstacles against dislocation motion such as the general grain boundaries [30,31].
Since the twin fault spacing in film HMo (about 5 nm) is smaller than the grain size (about 26 nm),
the former value must be considered as the average distance between the dislocation glide obstacles.
For sample LMo, either the grain size (~240 nm) or the crystallite size (~40 nm) is selected for the
average obstacle spacing, it is much higher than the value determined for the film HMo, resulting in a
softer yielding. In addition to the smaller obstacle spacing, the higher solute hardening for sample
HMo may also contribute to the enhanced yield strength. Moreover, the different crystallographic
textures in samples LMo and HMo also increased the difference between the yield strength values.
Namely, film LMo exhibited a strong 200 texture and according to the Taylor model the Taylor factor
for compression along direction <200> is about 2.4 which is lower than the value for an untextured fcc
material (~3.06) [32]. The film HMo has no considerable texture (see Figure 3), therefore the Taylor
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factor for this material is surely higher than that for sample LMo during micropillar compression
parallel to the film normal.

Figure 5 reveals that not only the yield strength but also the stress–strain behavior of the films
LMo and HMo differ significantly. Namely, sample LMo exhibited strain hardening in the entire range
of strain (up the strain of 0.26) while for film HMo softening was observed for the strains higher than
~0.04. Theoretically, softening can be caused by grain growth during plastic deformation. Indeed,
former studies have shown that the high-pressure torsion (HPT) technique applied up to 30 turns on
electrodeposited Ni–20% Fe caused an increase of the grain size from ~20 to ~50 nm at the equivalent
strain of about 200 [33] and to ~115 nm when the equivalent strain increased to ~1300 [34]. This
grain growth may be caused by a dynamic recrystallization of the as-deposited microstructure during
deformation due to the high driving force owing to the large defect density and the small grain size.
However, in sample HMo considerable grain growth did not occur during deformation, which can be
attributed to the relatively low applied strain. Therefore, this effect is ruled out in the explanation of
the softening observed for layer HMo.

The as-processed sample HMo contains a very high amount of grown-in twin faults, and
detwinning during pillar compression might have occurred that could cause the observed softening.
Detwinning is a result of the interaction between twin boundaries and gliding dislocations, yielding
thinning or full disappearance of twin lamellae [35]. In the first step of detwinning, a gliding dislocation
at the twin boundary dissociates into two partials. For a material with high stacking fault energy (SFE),
these partials are sessile Shockley and glissile Frank dislocations [36]. The Shockley partial slips along
the twin boundary, resulting in a thinning of the twin lamella with one {111} plane. This Shockley
partial in the twin boundary is also called as twinning partial and it can also form if a dislocation is
transmitted into the adjacent twin lamella [37]. The collective slip of twinning partials on successive
glide planes parallel to the twin boundary can lead to a complete disappearance of a twinned region [28].
This effect has already been observed in electrodeposited Ni–20% Fe film processed by HPT [38]. Ni
alloys have high SFE, therefore twinning is not a preferred mechanism of plastic deformation. At
the same time, during the deposition of nanocrystalline pure Ni and Ni alloys many grown-in twin
faults form as these have the lowest energy among the grain boundaries. Above the grain size of
20 nm, dislocation glide is an important deformation mechanism in Ni alloys [38], and therefore the
interaction between moving dislocations and grown-in twin boundaries may cause detwinning. Then,
the gradually decreasing twin fault density can result in a continuous softening during deformation as
shown in Figure 5b. Indeed, the amount of twin faults in the film HMo seems to decrease during the
present micropillar compression tests as suggested by the comparison of Figure 7a,c. The twin faults
disappeared by detwinning were not replaced by new ones during compression as the probability
of deformation twinning is very low in both studied Ni–Mo alloys as revealed in our former studies
where the same compositions were deformed by HPT [39]. Up to the strain of about 1000, considerable
twinning was not observed in bulk Ni samples with either ~0.3 or ~5 at.% of Mo. It should be noted
that the reduction of the twin fault density during pillar compression of the film HMo is difficult to
determine with good statistics from Figure 7 due to the small studied area (about 100 nm × 100 nm).
However, the HRTEM images in Figure 7 suggest that in the investigated area the twin fault density
decreased to about half during deformation.

Considerable reduction of grown-in lattice defects (e.g., dislocations and twin faults) during
deformation of nanocrystalline fcc metals processed by bottom-up methods has already been observed
in former studies [40]. This is a deformation-induced relaxation of nanostructures with extremely
high density of growth defects. Due to the very small grain size and the extremely high defect
density, nanocrystalline metals processed by bottom-up methods are very far from the equilibrium.
However, this state can be frozen in the material as the annihilation of defects is strongly hindered
kinetically by the impurities and the alloying elements. At the same time, plastic deformation of the
as-processed samples causes a mechanical perturbation which can result in a shift of the material to
a more equilibrium state by the annihilation of a portion of grown-in defects. For instance, a Ni–18
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wt.% Fe alloy processed by pulsed electrodeposition was subjected to rolling at RT and liquid nitrogen
temperature (LNT) up to the true strains between 0.4 and 0.6 [41]. This deformation resulted in a
decrease of the twin fault probability from about 3.2% to 1.5–2.2%. In addition, the initial dislocation
density was also reduced from 370 × 1014 m−2 to (180–220) × 1014 m−2 as revealed by XLPA. During
plastic deformation of nanomaterials with the grain sizes higher than 10–20 nm, dislocations are
emitted from the grain boundaries which slip across the host grain and are absorbed by the boundary
at the opposite side of the grain. The interaction between the plasticity-induced and the growth
dislocations can lead to their annihilation. The decrease of lattice defect density can result in softening
of nanomaterials processed by bottom-up methods, as in the case of film HMo in the present study.
It should be noted that softening in highly twinned microstructures was also observed for other fcc
metals, such as Cu [42,43]. For copper, detwinning was detected not only during plastic deformation
of nanotwinned films [43] but also for powders nanostructured by preliminary milling [44].

It is worth noting that during plastic deformation both defect formation and annihilation occur
simultaneously and at high strains (>1) there is a dynamic equilibrium between these processes,
resulting in a saturation of the values of the densities of lattice defects (e.g., dislocation and twin
faults) [45]. If the density of grown-in defects in nanomaterials processed by bottom-up methods is
higher than the saturation value achievable by severe plastic deformation, then deformation most
probably results in a reduction of defect density. This was the case for sample HMo where the dislocation
density in the electrodeposited film (~114 × 1014 m−2) was much higher than the saturation value of
~60 × 1014 m−2 measured by XLPA on a sample processed from a coarse-grained material by HPT [39].
In addition, a high twin fault probability was detected in film HMo (~3.9%) while significant twin fault
probability was not found in the sample processed till saturation by HPT. Therefore, defect density
reduction was expected for layer HMo during micropillar compression. At the same time, in film
LMo the density of growth dislocations was slightly lower (~23 × 1014 m−2) than the saturation value
achieved by HPT (~30 × 1014 m−2). In addition, twins were not observed in either the electrodeposited
or the HPT-processed LMo samples [39]. Thus, defect formation and a corresponding hardening were
expected in this case which is in accordance with the present experimental observation. This research
can be continued by studying the transition from strain hardening to softening as a function of Mo
concentration in nanocrystalline Ni deposits.

5. Conclusions

The deformation behaviors of nanocrystalline Ni films deposited with low and high Mo contents
were studied by micropillar compression test which was performed up to the plastic strain of 0.26. The
following conclusions were drawn from the results:

• The film with high (5.3 at.%) Mo concentration had a much larger yield strength (1.3 GPa) than
the value obtained for low (0.4 at.%) Mo content (0.35 GPa). This difference can be attributed to
the higher solute hardening, the much smaller grain size and the higher defect density in the
former sample. In film HMo, nanotwins with an average spacing of ~5 nm were formed while
considerable twinning was not observed in specimen LMo. In addition, a strong 200 texture
was observed for film LMo while no considerable texture was detected in sample HMo, and this
change also contributed to the higher yield strength of the latter specimen.

• The Ni film with low Mo concentration exhibited strain-hardening in the studied strain range,
yielding a maximum compressive stress of 0.86 GPa. At the same time, layer HMo showed a
fast hardening to the stress of 2.4 GPa which was followed by a continous softening between the
strains of 0.04 and 0.26.

• The strain-softening for film HMo cannot be explained by grain coarsening since the average
grain size remained about 26 nm during compression. On the other hand, a decrease of the twin
density during compression was observed by comparing the TEM images taken on the pillars
before and after deformation. This detwinning process caused the observed softening.
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Abstract: Accurate reference dielectric functions play an important role in the research and
development of optical materials. Libraries of such data are required in many applications in
which amorphous semiconductors are gaining increasing interest, such as in integrated optics,
optoelectronics or photovoltaics. The preparation of materials of high optical quality in a reproducible
way is crucial in device fabrication. In this work, amorphous Ge (a-Ge) was created in
single-crystalline Ge by ion implantation. It was shown that high optical density is available when
implanting low-mass Al ions using a dual-energy approach. The optical properties were measured
by multiple angle of incidence spectroscopic ellipsometry identifying the Cody-Lorentz dispersion
model as the most suitable, that was capable of describing the dielectric function by a few parameters
in the wavelength range from 210 to 1690 nm. The results of the optical measurements were consistent
with the high material quality revealed by complementary Rutherford backscattering spectrometry
and cross-sectional electron microscopy measurements, including the agreement of the layer thickness
within experimental uncertainty.

Keywords: germanium; optical properties; dielectric function; thin film characterization; semiconductor;
spectroscopic ellipsometry; optical dispersion; Tauc-Lorentz model; Cody-Lorentz model

1. Introduction

Accurate and reliable optical data of materials are scarce in the literature, although they are
of key importance for the modeling of coatings, as well as optical or structural materials [1,2].
Ge, its alloys, as well as many other crystalline and amorphous semiconductors, especially Si, Ge and
their compounds are used as detectors [3], Bragg reflectors [4], photodiodes [5], materials of controlled
optical properties (especially in the infrared wavelength range [6]), band gap [7] and refractive
index [1] engineering.

The optical properties and the thickness of thin film structures can be derived from (Ψ,Δ) values
measured by spectroscopic ellipsometry (SE), where Ψ and Δ describe the relative amplitude and
relative phase change, respectively [8]. SE is the primary tool to determine the optical properties and
structure of materials [9], in many cases utilizing the in situ capabilities [10,11]. Concerning amorphous
Ge (a-Ge) films, papers dealing with the optical and structural characterization of evaporated Ge layers
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can be found in the literature [12–16], and only a few papers discuss the optical and structural
characterization of a-Ge layers obtained by low energy (0.5–1.0 keV) ion bombardment [17,18].
Aspnes and Studna irradiated single-crystalline Ge (c-Ge) surfaces using Ne and Ar ions with
1 keV energy. They performed SE measurements and determined the dielectric function of the
ion bombardment-amorphized Ge (ia-Ge) layers. They obtained a 9 nm thick ia-Ge layer for 1-keV Ne
bombardment and determined its dielectric function [17]. This layer thickness can be considered as
ultra-thin and even an atomically thin transition “layer” between the c-Ge and ia-Ge region can cause
more than 10% uncertainty. We measured a thick layer and the weighted uncertainty caused by the
transition layer is low.

To describe the optical properties on an amorphous material as a function of photon energy
or wavelength the Tauc-Lorentz (TL) or Cody-Lorentz (CL) dispersion models are frequently used.
The TL model was developed by Jellison and Modine [19] to provide a dispersion equation for a
material that only absorbs light above the material bandgap. The CL analytical model elaborated by
Ferlauto et al. was designed to model optical properties of amorphous materials [20].

In this work, we used ion implantation to create a high-density void-free amorphous material for
reference database purposes. We showed that by the proper choice of the implantation parameters
(element, multiple energies, angle, etc.), a layer is formed that is comparable with the highest qualities
found in the literature in terms of optical density. Additional to the optical references of amorphous
Ge currently available, we provide an analytical model that well described the dispersion in a broad
wavelength range. The results of the optical characterizations were verified by complementary
methods including Rutherford backscattering spectrometry combined with channeling (RBS/C) and
cross-sectional transmission electron microscopy (XTEM).

2. Experimental Details

A Ge wafer from Umicore (orientation of (100), resistivity of approx. 0.4 Ωcm, CAS Nr. 7440-56-4)
was cleaned in diluted HF (CAS Nr. 7664-39-3) and rinsed in deionized (DI) water. After cutting it
into small rectangular pieces, the samples were rinsed again in DI and dried in N gas. To produce a
homogeneous amorphous layer from the surface to the buried crystalline-amorphous interface the
amorphized layer was created by two step amorphization via ion implantation at room temperature
(first step 120-keV Al+ (CAS Nr. 7429-90-5) at a fluence of 1 × 1016 atoms/cm2; second step:
300-keV Al+ 1 × 1016 atoms/cm2) using a heavy-ion cascade implanter (Figure 1a). To avoid the
channeling effect during implantation, the sample was tilted by 7◦ with respect to the ion beam
(Figure 1b). Although after the first implantation the Al ions may partially channelled even at tilt
7◦ [21], the amorphous layer formed by the first ion implantation ensured that the Al ions in the second
ion implantation step couldn’t practically get channelled in the sample. The reason for selecting a
relatively light mass projectile (Al) was to avoid void formation in case of implantation of heavy mass
ions [22].

The damage level caused by ion implantation can be characterised by the displacements per
atoms (DPA), i.e., the number of times that an atom is displaced for a given fluence. Figure 1c shows
the Al and DPA distribution determined by the simulation software of Stopping and Range of Ions in
Matter (SRIM) [23]. SRIM calculates the number of displacements per one implanted ion and per unit
depth as a function of depth in the irradiated sample. Considering the implanted fluence (the number
of implanted ions per unit area), the value of DPA can be determined for the applied fluence. At depths
where the calculated DPA reaches the threshold value (0.3 DPA in our case [24]), the target is supposed
to turn to an amorphous phase from crystalline. In our case the DPA value exceeds the threshold from
the sample surface down to a depth of 630 nm. Therefore, based on the SRIM simulations, we suppose
the position of the a-Ge/c-Ge interface to be at the depth of 630 nm.
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Figure 1. (a) Process steps of sample preparation. From left to right: cleaning in HF and DI; implantation
of 120 keV Al ions; finally, implantation of 300 keV Al ions. (b) Schematic drawing of the dual-energy
ion implantation showing the damage (red curves) and Al (green curves) profiles. The blue box shows
the c-Ge substrate into which Al ions (green circles at the left-hand side) are implanted at well-defined
energies and tilt angles of 7◦ in order to avoid the channeling of the ions. (c) Simulated Al concentration
and Ge damage profile caused by the implantation of Al into Ge using an energy of 300 keV and a
fluence of 1 × 1016 Al/cm2. The calculation was performed by the SRIM software. The threshold for
the amorphization level of 0.3 DPA corresponds to a damaged layer thickness of 630 nm. Note, that the
peak Al concentration is less than 0.7 at%.

The RBS analysis was performed in a scattering chamber equipped with a two-axis goniometer
connected to the 5-MV Van de Graaff electrostatic accelerator of the Wigner Research Centre for Physics.
The 1.6-MeV He+ (CAS Nr. 7440-59-7) analyzing ion beam was collimated with two sets of four-sector
slits to the spot size of 0.5 mm by 0.5 mm, while the beam divergence was kept below 0.05◦. The beam
current was measured by a transmission Faraday cup [25]. The backscattered He+ ions were detected
using an ORTEC surface barrier detector. The energy resolution of the detection system was 12 keV.
The spectra were recorded in Cornell geometry at a scattering angle of 165◦ for two different sample
tilt angles of 7◦ and 60◦. For quantitative compositional analysis both the axial and planar channeling
effects of the He+ projectiles in the c-Ge substrate were avoided. The measured data were evaluated
with the RBX spectrum simulation code [26].

For ex situ ellipsometric characterization a Woollam M-2000DI rotating compensator spectroscopic
ellipsometer was used in the wavelength range of 210–1690 nm. The sample for the XTEM investigation
was prepared by focused ion beam thinning method. The XTEM investigation was carried out using a
Cs-corrected (S)TEM Themis type electron microscope with an operation voltage of 200 keV.

3. Results and Discussion

RBS/C measurements were performed for the analysis of the amorphized Ge layer. To simulate
the channeled and random RBS spectra an ia-Ge layer with a thickness of 2.9 × 1018 ± 1.5 × 1017

Ge/cm2 (i.e., 659 ± 33 nm using the density of 4.4 × 1022 at/cm3 and the 5% uncertainty of He stopping
in Ge) was used. The amorphous Ge layer was formed on top of the c-Ge substrate. The recorded and
generated ion beam analytical spectra are displayed in Figure 2. To simulate the dechanneling yield,
a lattice strain was taken into account around the range of Al ions. The thickness of the ia-Ge layer
agrees with the SRIM simulation within the experimental uncertainty of RBS. The RBS results reveal
that the damaged layer is fully amorphized, because the leading edges of the recorded channeled and
random spectra coincide.
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Figure 2. Comparison of measured (symbols) and simulated (lines) RBS spectra of the Al-implanted
Ge sample (a) in channeling conditions around normal incidence. The channeling spectrum of virgin
Ge is also shown (b) in random conditions at the sample tilt of 60◦.

The agreement between the implanted ion distributions determined by SRIM and RBS is
usually much better, because SRIM and RBS use the same stopping powers. Here, besides the Al
stopping power, the thickness of the damaged layer also depends on the threshold of amorphization,
and therefore the uncertainty of the position of the crystalline-amorphous interface at the damage tail
region is larger than that for the ion projected range (see Figure 1a).

The spectra obtained from the multiple-angle-of-incidence spectroellipsometric measurements
were evaluated using a two-layer optical model. The evaluation was performed using the WVASE32
software [27]. The generated ellipsometric spectra were fitted on the measured ones using a regression
algorithm. The measure of the fit quality is the mean square error (MSE) defined by the following
equation [8]:

MSE =

√√√√√ 1
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where N denotes the number of measured (Ψexp
i ,Δexp

i ) data pairs, M is the number of fit parameters,
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i and Δmod
i are the (optical model based) calculated ellipsometric angles at the photon energy Ei,

whereas Ψexp
i and Δexp

i are the measured ellipsometric angles at the photon energy of Ei. The σ
exp
Ψ,i and

σ
exp
Δ,i values are the random experimental errors. The unknown parameters are allowed to change until

the minimum of MSE is obtained. In order to avoid the local minimum in the regression algorithm,
a global search procedure has been applied.

The measured and fitted spectra, as well as the corresponding two-layer optical model are shown
in Figure 3. The full-size version of the XTEM image is shown in Figure 4. We determined the
optical properties of the native GeO2 layer from a spectroellipsometric measurement on a 5 nm thick
GeO2 layer deposited by chemical vapor deposition on single crystalline Si. The thickness of the
surface oxide layer was found to be less than 2 nm using the two different optical models described
below. Using a stoichiometric oxide layer, neglecting a possible nanoscale roughness and the interface
between the oxide and the amorphous layer is the usual simplification of the surface structure applied
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in ellipsometry. The small thickness reveals a high surface quality a-Ge layer, from which we can
assume a negligible systematic error caused by the modeling of the a-Ge surface.

Figure 3. Measured (solid lines) and generated (dotted lines) ellipsometric Ψ and Δ spectra for the
Al-implanted Ge sample. The two-layer optical model and the corresponding XTEM micrograph is
shown in the inset. The fitted thicknesses of the surface oxide (GeO2) and a-Ge (TL oscillator) layers
are 1.61 ± 0.03 and 679.4 ± 0.3 nm, respectively. Note that the top part of the XTEM image is the glue
used for the sample preparation. The 1.6-nm oxide itself is not visible. The arrows show the direction
of increasing angles of incidence from 53◦ in steps of 3◦.

Figure 4. (a) HRTEM image and its fast Fourier transform (FFT) showing a completely amorphized Ge
layer. (b) Image obtained by XTEM method showing a completely amorphized germanium layer of
680 nm thickness on c-Ge.

First, the TL dispersion relation [21] was applied for the description of the complex dielectric
function of the ia-Ge layer (Figure 3). Note that the atomic ratio of the implanted Al is 0.3 percent
assuming a homogeneous distribution, and not higher than 1 percent for the peak Al concentration.
Therefore, no optical effect from a separate metallic phase has to be assumed. The dielectric function
of the c-Ge substrate was from Ref. [15] (also included in the materials library of the WVASE32
software [28]). The thicknesses of the layers and the parameters of the TL model were fitted as free
variables. The evaluation yielded a value of 23.2 for the MSE.

In the TL expression the imaginary part of the dielectric function is given as the product of the
Tauc law and the Lorentz oscillator function in order to obtain appropriate near-gap and above-gap
optical responses, respectively. The Tauc law formula was derived on the assumption of parabolic
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bands and a constant momentum matrix element. The real part of the dielectric function is obtained
by applying the Kramers–Kronig transformation. The Tauc-Lorentz oscillator allows for a band gap,
i.e., a non-absorbing region below the band gap energy Eg and describes the onset of absorption close
to the band gap.

The resulting fitted parameters of both optical models for the ia-Ge sample are shown in Table 1.
Only five free parameters describe the dielectric function of the ia-Ge layer: the amplitude, the resonant
energy (or peak transition energy), the broadening term, the bandgap energy and the offset parameter
of the Kramers-Kronig transformation.

Table 1. Fitted parameters of both parametric models for the ia-Ge layer.

Parameter TL Model CL Model

Oxide thickness (nm) 1.61 ± 0.03 1.74 ± 0.01
a-Ge layer thickness (nm) 679.4 ± 0.3 678.9 ± 0.1

Amplitude 142.4 ± 0.4 92.7 ± 0.2
Energy position (eV) 3.042 ± 0.004 3.355 ± 0.002

Broadening (eV) 3.95 ± 0.01 4.08 ± 0.01
Band gap (eV) 0.622 ± 0.001 0.689 ± 0.002

Offset 0.14 ± 0.02 0.62 ± 0.01
Ep (eV) 0.561 ± 0.004
Et (eV) 0.39 ± 0.05
Eu (eV) 0.189 ± 0.001

Mean Square Error 23.2 9.7

The high MSE value (23.2) and the imperfect agreement between the measured and generated SE
spectra of the TL model in certain wavelength regions (see the wavelength range above 1300 nm for Δ)
motivated us to perform a new evaluation using the CL dispersion relation for the description of the
complex dielectric function of the ia-Ge layer.

The two-layer optical model as well as the measured and fitted spectra using the CL dispersion
relation is shown in Figure 5. Here, the thickness of the layers and the parameters of the CL model
were fitted as free variables. The free parameters describe the thicknesses of the oxide and the ia-Ge
layer, as well as the dielectric function by adding three more parameters to the TL oscillator model:
the transition energy between the absorption onset and the Lorentz oscillator (Ep), the demarcation
energy between the Urbach tail transitions and the band-to-band transitions (Et), and the Urbach tail
parameter (Eu)—see Table 1. Note that the MSE value is much better (9.7) than that of the TL model
(23.2—also shown in Table 1) and the difference between the measured and generated SE spectra
indicate a good agreement (see for example the improvement for Δ in the above-mentioned range of
wavelengths larger than 1300 nm). When fitting on the Ψ and Δ ellipsometric angles, an MSE below 10
is usually acceptable [8]. It may be possible to improve when adding more oscillators to the model,
but at the cost of increasing parameter correlations and uncertainties. The results show that the simple
one-oscillator CL model fits the data perfectly in the wavelength range below ≈4.5 eV.

The n and k values obtained by the evaluation of the measured SE spectra using the CL and TL
models are shown in Figure 6. For comparison, the data of c-Ge and evaporated a-Ge are also presented.
There is only a small difference between the TL and CL dispersions. Moreover, the discrepancy between
the ia-Ge and the evaporated a-Ge was found to be smaller than for amorphous silicon [29].
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Figure 5. Measured and generated ellipsometric Ψ and Δ spectra for the Al-implanted Ge sample.
The two-layer optical model and the corresponding XTEM micrograph revealing a completely
amorphized layer with a thickness of 681 nm is shown in the inset. The fitted thicknesses of the
surface oxide (GeO2) and the amorphous Ge (CL oscillator) layers are 1.74 ± 0.01 and 678.9 ± 0.1 nm,
respectively. Note that the top part of the XTEM image is the glue used for the sample preparation.
The 1.7-nm oxide itself is not visible. The arrows show the direction of increasing angles of incidence
from 53◦ in steps of 3◦.

Figure 6. n (solid lines) and k (dashed lines) spectra given by the evaluation of the measured SE data
using the CL and TL dispersions. For comparison, the data of c-Ge [28,30] and evaporated a-Ge [15]
(Adachi) are also presented.

The thickness values of the ia-Ge layer determined by SE and the theoretical thickness of damaged
region estimated by SRIM agree with the thickness value determined by RBS/channeling technique
within the experimental uncertainty of RBS. However, SE gives a somewhat larger thickness value
compared to RBS; probably SE is more sensitive to damage than the RBS/channeling technique.

The images obtained by XTEM investigation are shown in the insets of Figures 3 and 5.
The HRTEM image shown in Figure 4 and its fast Fourier transrom (FFT) obtained by XTEM method
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(as well as the insets of Figures 3 and 5) show a completely amorphized germanium layer. This result
justifies the appropriate choice of Al for the ion implantation, because a high quality, void-free, dense
and completely amorphous Ge layer was formed. The density of the a-Ge layer found in our study is
even higher than that was reported in Ref. [15]. This result is also reflected in our n and k values which
are slightly higher than that shown in Ref. [15], especially at higher wavelengths.

4. Conclusions

The complex dielectric function of ia-Ge produced by ion implantation was determined by SE
in the wavelength range from 210 to 1690 nm. It was found that the CL dispersion relation is more
appropriate for the evaluation of the SE measurements on ia-Ge than the TL model. The thickness
values yielded by the TL and by the CL type SE evaluations are close to the thickness value deduced
from the ion beam analytical measurements and XTEM investigation. The obtained dielectric function
spectra are in good agreement with those measured by Adachi et al. [15], providing a solid and reliable
basis of further in situ investigations of amorphization processes in Ge.
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Abstract: An X-ray diffraction investigation was carried out on nitrogen-containing 304 stainless steel
thin films deposited by reactive rf magnetron sputtering over a range of substrate temperature and
bias levels. The resulting films contained between ~28 and 32 at.% nitrogen. X-ray analysis was carried
out using both the standard Bragg-Brentano method as well as area-detector diffractometry analysis.
The extent of the diffraction anomaly ((002) peak shift) was determined using a calculated parameter,
denoted RB, which is based on the (111) and (002) peak positions. The normal value for RB for
FCC-based structures is 0.75 but increases as the (002) peak is anomalously displaced closer to the (111)
peak. In this study, the RB values for the deposited films were found to increase with substrate bias
but decrease with substrate temperature (but still always >0.75). Using area detector diffractometry,
we were able to measure d111/d002 values for similarly oriented grains within the films, and using these
values calculate c/a ratios based on a tetragonal-structure model. These results allowed prediction of
the (002)/(200) peak split for tetragonal structures. Despite predicting a reasonably accessible split
(~0.6◦–2.9◦–2θ), no peak splitting observed, negating the tetragonal-structure hypothesis. Based on
the effects of film bias/temperature on RB values, a defect-based hypothesis is more viable as an
explanation for the diffraction anomaly.

Keywords: sputter deposition; thin films; X-ray diffraction; expanded austenite

1. Introduction

Since the initial discovery of the S-phase by Zhang and Bell [1] and Ichii et al. [2], understanding
the structural nature of this phase and the anomalous shift of the (200)/(400) diffraction peaks has
been a challenging problem. The S-phase (also termed “expanded austenite”) was discovered as a
result of research aimed at creating a nitrogen-enriched surface layer on stainless steels for improved
wear resistance. In the mid-to-late 1990’s much of the research was centered on the investigation of
low-temperature plasma nitriding methods [3–10] and the development of surface hardening methods
via a combination of nitrogen implantation and diffusion. These processes generally are carried out
within the temperature range of 250–400 ◦C; at temperatures above 400, CrN forms, depleting the
matrix of Cr and reducing corrosion resistance, while below 250 ◦C nitrogen diffusion is too slow
to form a surface layer of significant depth. Numerous studies on plasma nitriding methods for
stainless steels have been reported including ion beam implantation [3–5] and the plasma immersion
implantation method [5–10]. Structural characterization of treated surfaces revealed the formation
of the S-phase, and a significant degree of surface hardening was observed along with substantial
reductions in wear rates.
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In addition to plasma nitriding methods, the S-phase can be produced by sputter deposition from
stainless steel targets in a nitrogen-containing atmosphere [11–16]. Saker et al. [11] and Bourjot et al. [12]
reported deposition of “stainless-steel nitrogen” coatings deposited by triode reactive magnetron
sputtering from 310 stainless targets. A nitrogen content of up to 42% was obtained and the S-phase
was confirmed by X-ray diffraction. The microhardness was measured and the maximum was reported
as 15 GPa at a nitrogen concentration of about 15%. Shedden at al. [13] deposited coatings from
316 stainless steel using magnetron sputtering and a substrate temperature of 350 ◦C. They found the
nitrogen content in the films increased with the proportion of N2 in the sputtering gas, and reached a
maximum of about 40%. The films had a very strong <100> fiber texture, although the fiber axis tilted
away from the substrate normal at the highest N2 flow rates. In addition, they examined the formation
of energetic neutrals during sputtering and showed the yield of nitrogen energetic neutrals was much
greater than that for argon. Therefore, as nitrogen content of the sputter gas increased, the burial of
nitrogen within the growing films also increased, indicating enrichment with nitrogen was a primarily
dynamic phenomenon.

The nitrogen content in the films described above were all sub-stoichiometric, i.e., with N/Me < 1,
and contained up to 40% nitrogen. However, higher nitrogen concentrations have been obtained by
increasing the percentage of N2 in the sputtering gas during deposition. Kappaganthu and Sun [15]
deposited films from a 316L target in an Ar+N2 mixture with nitrogen contents ranging from 0 to 75%
(at a constant sputtering pressure of 0.67 Pa.) The nitrogen content in the films increased with the
-percent N2 in the gas mixture and reached a maximum of 50% film nitrogen at N2 content of 50% and
higher. For film nitrogen concentrations between 35% and 45%, the (200) peak position anomaly was
observed; however, for films with 50% nitrogen the d-spacings measured were all consistent with a
single lattice parameter. The MeN (Me = Fe, Cr, Ni and Mo) phase was proposed to have a zinc-blende
type structure. Kappaganthu and Sun [16] also examined the effect of substrate temperature and found
that deposition at 300 ◦C promoted single-phase S-phase formation, but at 400 ◦C some CrN formation
was observed.

The (200)/(400) peak position anomaly (characterized by observations where the position of
the (200)/(400) peaks are inconsistent with the remaining peaks in the XRD patterns) has puzzled
investigators for over 30 years, and there is still no consensus on the structural features of the S-phase
that cause this peak shift. However, four main explanations have been proposed: (1) the S-phase is not
a single phase but consists of multiple phases; (2) the structure is not FCC but rather (slightly) distorted
into a tetragonal, monoclinic or other structure; (3) the anomaly is due to a high density of stacking
faults; and (4) the anomaly results from a very large anisotropy in elastic constants. Early investigations
by Marchev et al. [17,18] led to the claim that the S-phase has a tetragonal structure, and in fact,
they re-named the structure as the “m-phase” due to its similarity to bct martensite. In this case,
the X-ray diffraction patterns should show split (200)/(002) peaks. However, no such peak split
was observed, but its absence was attributed to the pronounced crystallographic texture (in this
case a (111) orientation) in the samples. Bacci et al. [19] also claimed that an fct-structured S-phase
provided a reasonable fit to their diffraction data, but the presence of the S-phase in the form of a
compositionally-varying diffusion layer, well as iron nitride phases, complicated the analysis.

To further examine the possibilities of non-cubic structures, Fewell et al. [20] conducted TEM
and XRD studies of plasma-nitrided AISI316 steel. In addition to the traditional Bragg-Brentano XRD
method, they used a second beam angle (non-zero ψ) in order to measure a set of d-spacings for the
same grain orientations (relative to the surface). They found no evidence for multiple phases and
noted that the diffraction data again showed only expanded (200) and (400) planes. Attempts were
made to rationalize this in terms of tetragonal, monoclinic and triclinic structures. The triclinic gave
the best fit to the diffraction data; however, due to the broadening of the S-phase peaks, a definitive
conclusion could not be made. Fewell and Priest [21] then examined the S-phase using synchrotron
radiation, allowing them to conduct higher-order diffractometry and d-spacing measurements out to
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the (622) planes. They presented an extensive analysis of numerous non-cubic structures, but found
that none of them worked well in matching the higher-order reflections.

Numerous investigations have pointed to stacking faults (on {111} planes of the fcc structure) or
other defects as an explanation for the diffraction anomaly [22–24]. The basis of this approach is the
theoretical analysis presented by Warren [25] who determined the effect of stacking faults on the peak
positions. The peak shifts were given in terms of the stacking fault density α (1/α is the number of
planes between faults) and (hkl)-dependent constants. In most cases, the value of α is determined
based on the Δ2θ calculated from the peak shift in the (200) reflection. For example, Blawert et al. [22]
found α = 0.167 for their nitrogen expanded austenite samples; Christiansen and Somers [23] used
α~0.03 to obtain results consistent with their data; and while Xu et al. [24] did not give a specific value
for α, they noted it should be dependent on nitrogen content. In order to unambiguously test the
stacking fault hypothesis, it would be necessary to independently measure the stacking fault density α,
and compare the calculated Δ2θ values with the observed shifts. However, this does not appear to
have been done in any of the above studies, although stacking faults have been observed in several
TEM studies. Xu et al. [26] and Stroz and Psoda [27] both examined the microstructure of plasma
nitrided samples and observed stacking faults in the S-phase; the high-resolution image in the latter
study showed stacking fault bundles with α~0.1. Nonetheless, they proposed the peak shift was due
to a slight rhombohedral distortion in the lattice. The stacking fault explanation has been criticized in a
number of papers [26,28] due to the fact that Warren’s model becomes inaccurate at high values of
α. A more detailed analysis of stacking fault effects was carried out by Velterop et al. [29]. However,
the general effects described by Warren still hold, and for the (200) reflections only slight changes to the
calculated Δ2θ values appear to be necessary. Another problem with the stacking fault theory is that
for the (400) reflections the peaks should shift in the opposite direction (to higher angles). However,
careful measurements, such as those made by Fewell and Priest, show a decrease in the (400) position
which is similar in magnitude to the (200) shift. Therefore, the stacking fault hypothesis does not seem
consistent with much of the data.

The final explanation for the diffraction anomaly is the elastic anisotropy hypothesis. Grigull and
Parascandola [30] carried out a residual stress analysis for the S-phase layer to determine the strain
perpendicular and parallel to the surface. The residual stress increased dramatically with nitrogen
content in the layer, and at 23% N the (compressive) stress was 2.5–3 GPa. Abrasonis et al. [31]
found the strain in (100) oriented grains (relative to the surface) to be twice that of (111)-oriented
grains. However, they used elastic constants for nitrogen-free austenitic stainless steel, since the elastic
constants of the S-phase are not known. Nonetheless, they suggested that the combination residual
stress and stacking fault effects could explain the diffraction anomaly.

The possibility of ordering of nitrogen atoms on the interstitial sublattice has been considered
and potential evidence for such ordering was recently presented by Brink et al. [32]. The presence of
such ordering would require indexing of diffraction patterns based on a larger unit cell, and this unit
cell could have a distorted (non-cubic) shape. Ordering may also influence the distribution of metal
atoms on the metal sublattice as shown in a recent EXAFS (Extended X-ray Absorption Fine Structure)
study [33]. Another recent study by Czerwiec et al. [34], where Mössbauer spectroscopy was used to
examine the detailed atomic structure in annealed 316L nitride samples, proposed that the structure
consisted of two different environments: a one which was supersaturated with nitrogen, and another
consisting of a martensitic environment without nitrogen.

In summary, the structure of the S-phase still remains controversial as none of the four hypotheses
appears adequate to explain all of the observed results. A recent article by Christiansen et al. [35]
concluded that stacking faults, composition gradients and residual stress gradients provided the
best explanations the observed X-ray diffraction pattern anomalies in plasma treated bulk stainless
steel samples.

In this work, we analyze films sputter-deposited from 304 stainless steel targets in a
nitrogen-containing atmosphere and characterize these samples using X-ray diffraction methods.
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The novelty of this work stems from the following observation: when the Bragg-Brentano method
is employed, measured d-spacings for (111) and (200) planes are made from grains of different
orientations. In this case, stress and elastic anisotropy effects can impact measured values. Ideally,
measurements of both d-spacings should be made from grains of similar orientations. This was done by
Fewell et al. [20] for select orientations. However, by using area detector diffactrometry a continuous
range of orientations can be examined, which will be done here. We can then compare these results
with those obtained using the Bragg-Bretano method. In addition, the possibility of a tetragonal-based
structure will be examined.

In addition to insight gained from the use of area-detector diffractometry, the use of sputter-
deposited samples deposited with variations in temperature and bias allow further understanding into
the effects of composition and defect content on the structure of the S-phase [36]. For this purpose,
samples will first be characterized using the Bragg-Bretano method, where the extent of the diffraction
anomaly will be evaluated using the following term:

RB =
sin2 θ111

sin2 θ200
(1)

where θ111 and θ200 are the peak positions obtained (by definition) from an X-ray diffraction scan
carried out using the standard Bragg-Bretano configuration, i.e., with ψ = 0. The normal value of RB for
an FCC structure is 0.75, and a value of RB > 0.75 indicates that the sample has the S-phase structure.

Following this analysis we will consider the S-phase structure as nominally FCC (rocksalt structure)
with a slight deviation along one cube direction resulting in a tetragonal structure. The assumption of
tetragonality is taken to allow the parameter c/a to be calculated based on the equation presented by
Fewell and Priest [21], given by:

c
a
=

⎛⎜⎜⎜⎜⎝12
⎡⎢⎢⎢⎢⎣3a2

002

a2
111

− 1

⎤⎥⎥⎥⎥⎦
⎞⎟⎟⎟⎟⎠

1/2

(2)

Alternatively, this equation can be written in terms of d-spacings:

c
a
=

√√
2d2

002

d2
111

− 1
2

(3)

Which is more amenable to direct calculation from X-ray diffraction data and makes no
presumptions about the relationships between ahkl and dhkl values. Here we have assumed that
the c-axis corresponds to the [001] direction and c/a > 1. Using this equation, measurements of the (111)
and (002) peak positions allow for determination of the c/a ratio. This will be done using d200 and d111

values from the same grain, or grains of the same orientation.
The method devised for this purpose is illustrated in Figure 1, which shows a schematic diagram

of a cross-section of a film with a typical columnar structure. We assume a fiber texture for the
grain structure, and define the variable ϕ as the angle of tilt of the [001] direction away from the
nominal surface normal (substrate plane). Three cases are shown in the diagram. For grain 1, the grain
orientation is [002] so that ϕ = 0◦. The value of d002 for this grain can be determined by conducting an
XRD scan with ψ = 0. However, to determine d111 the scan needs to be run with ψ = 54.74◦. For grain 2,
ϕ = 54.74◦ but the value of d111 is determined with ψ = 0◦, and to find d002 we set ψ = 54.74◦. For grain
3, we examine an intermediate orientation, in this case a grain with a [411] orientation. This gives
ϕ = 19.5◦, necessitating the use of ψ = 19.5◦ to find d002 and ψ = 35.27◦ to find d111.
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Figure 1. Schematic diagram of typical grain orientations showing the definitions of ϕ and ψ relative to
the crystal structures and sample surface. The ϕ angle is the angle of tilt away from the [002] direction
in the crystal, whereas ψ is the common diffraction vector, and is perpendicular to the surface in a
Bragg-Brentano diffraction experiment.

In general, we can write:
For d002: ϕ = ψ

For d111: ϕ = 54.74 − ψ

Therefore, if we can find d as a function ψ for the (111) and (200) reflections, the above equations
can be used to find dhkl vs. ϕ and then determine c/a using Equation (3). Using this procedure, we find
c/a as a function of ϕ. If there is no elastic anisotropy present, or in the absence of stress, c/a should be
constant with ϕ.

2. Materials and Methods

Films were deposited using rf-magnetron sputtering in a turbo-molecular pumped high vacuum
system. The base pressure was 2 × 10−6 Torr (0.266 mPa) and the total gas pressure during sputtering
was 5 mTorr (0.67 Pa). Si (100) wafers were used as substrates and 304 stainless steel was used for the
target. The substrate-to-target distance was 12 cm, with the sputter sources at an angle of 14◦ from
the substrate normal direction. The sputter power density was 7.5 W/cm2, and the rf frequency was
13.56 MHz. In order to improve adhesion of films to the Si substrates, a metallic stainless steel film was
first deposited in Ar at −50 V bias to a thickness of 50 nm. All nitride film depositions were carried
out with 20 sccm Ar/5sccm N2 gas flow and a target-to-substrate distance of 60 mm. The typical film
thickness was 2.5–3 μm.

Film compositions were analyzed using X-ray photoelectron spectroscopy (XPS) on a Kratos
Axis/HS system (XPS Axis HSi, Kratos Analytical, Manchester, UK). Samples were Ar+-ion etched
before analysis to remove surface contaminants. The atomic percentages of nitrogen and oxygen were
determined along with the metallic elements in 304 stainless steel (Fe, Ni, and Cr). The accuracy
in nitrogen concentration measurements is estimated to be ±(2–4) at.% N. X-ray diffraction analysis
of the films was first carried out using a Shimadzu XRD-6100 (Shimadzu, Columbia, MD, USA)
using CuKα radiation (λ = 0.1542 nm) set up in the Bragg-Brentano configuration with a graphite
diffracted-beam monochromator. Additional X-ray diffraction studies were carried out using a Bruker
system (Bruker Inc., Madison, WI, USA) equipped with a Vantec-500 area detector. The goniometer
used was equipped with a two-position χ stage, which for the present purposes was set at the χ = 54.74◦
position. The nominal detector distance was set at 8 cm, and a CoKα X-ray tube was used in order to
avoid fluorescence of Fe. The accuracy in the measurement of interplanar spacings for this system is
discussed in Appendix A. Further details on the analysis of the area detector data are outlined in the
following section.
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Samples were deposited with substrate temperature and bias as the experimental variables.
The temperatures used were between 150 and 350 ◦C, while the substrate bias was set at either ground
or a level between −40 and −160V. (Several samples were deposited at room temperature but had
an amorphous structure and are therefore not considered here.) In the discussion which follows,
the samples are denoted by temperature and bias (with zero bias indicating ground), e.g., sample
S-150-60 indicates deposition using the 304 stainless steel target and 150 ◦C and −60 V bias.

3. Results

3.1. Film Compositions

The relative proportions of Fe, Ni and Cr found in the films generally reflected those of the target
material, which for 304 stainless steel is nominally 74% Fe, 18% Cr, and 8% Ni. The films also contained
some oxygen, for samples deposited with a bias the average was 3.9 at.%, while for samples deposited
at ground the average was 16.2%. The nitrogen levels in the films are shown in Figure 2 as a function of
substrate temperature and bias. Two general trends are observed: first, at a given temperature, higher
substrate bias levels results in a lower nitrogen content; this could be due to sputtering of nitrogen
during deposition. This concept is supported by the fact that samples deposited at ground had the
highest nitrogen content. Substrate temperature had less of an effect, mostly resulting in a in a slightly
higher nitrogen level at higher temperatures. However, these trends were not significantly larger than
the accuracy of the measurement.

Figure 2. Nitrogen concentration in films deposited at different substrate temperature and bias levels.
The major effect on composition is due to changes in substrate bias.

3.2. X-ray Diffraction Using the Bragg-Bretano Method

Figure 3a–d shows X-ray diffraction results collected on the Shimadzu diffractometer,
which operates in the Bragg-Bretano configuration. Spectra are shown for the range of 2θ = 30◦ to
65◦; the latter limit was chosen to avoid the highly intense Si (400) substrate peak which appears at
2θ = 69.20◦. This also obstructed detection of the (220) peaks in the films, however, as verified later
using the area detector XRD system, these peaks were either very weak or absent due to the film
texture. Additional spectra were recorded in the range of 2θ = 70◦ to 120◦, but again peaks in this
range (primarily the (311) and (222) reflections) were generally weak and not used in the analysis.

50



Coatings 2020, 10, 984

Figure 3. X-ray diffraction results for deposited films collected using the Bragg-Bretano configuration
and CuKα radiation. The spectra are shown for substrate bias levels of (a) 0 V, (b) −60 V, (c) −100 V
and (d) −140 V, each at three different temperatures as shown. The positions of the (111) and (200) lines
are shown and their locations based on a method described in the text.

Since there is no X-ray diffraction standard for S-phase structured stainless steel nitrides, analysis
of the experimental patterns shown in Figure 3 require that an initial assumption be made to determine
the appropriate lattice constant. Typically, the (200)/(400) peaks are assumed to have the anomalous shift
so the (111) is used to determine the lattice constant (denoted a111) and then remaining peak positions
are determined based on this value and the assumption of an ideal FCC structure. This analysis was
carried out by averaging the a111 values for each set of films at the given bias and then displaying the
(111) and (200) positions for each group in Figure 3.

The results show that the deviation in the (200) peak, compared to its expected position based
on an ideal FCC structure, is typically ~1◦–1.5◦–2θ lower. For samples deposited at ground (0 V)
the peaks are broad, typically an effect of poor crystallinity; the sample deposited at 150 ◦C was too
poorly crystalline for useful analysis and so a 200 ◦C deposition was conducted instead. In comparison,
the −60 V samples show better crystallinity and a larger (200) peak shift. Figure 3d (−140 V bias) also
shows for the 150 ◦C sample a small peak at 42.86◦. While this could be a highly shifted (200) reflection,
a more plausible explanation is that it is the result of small amount of Cr2N formation, which according
to PDF#35-0803 has a (111) peak at 42.61◦. The formation of this phase, not seen in other samples,
is possibly due to the high bias and low temperature used as deposition conditions for this sample.

The XRD data in Figure 3 was analyzed and measurements of θ111 and θ200 were obtained allowing
calculation of the RB parameter described in Equation (1). The results are shown in Figure 4. It can be
noted that the R-values are all greater than 0.75. The effect of increasing substrate temperature at a
given bias is to generally reduce the value of RB, indicating a more normal cubic structure. The effect
of substrate bias shows an increase of RB with bias level. The effect of bias was examined by closely by
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depositing samples at a constant temperature of 250 ◦C and varying the bias levels from 0 to −160V.
The results are shown in Figure 5, where the data has also been fitted to a parabolic curve. For the
sample deposited at 0V, the structure is very close to the ideal cubic structure, but at −160 V a very
large value of RB = 0.795 is obtained. Therefore, based on the results shown in Figures 3 and 4, it can
be concluded that lower temperatures and higher bias levels promote a larger deviation from the peak
positions expected from a standard cubic structure.

Figure 4. Measured values of RB for films deposited at various bias levels and substrate temperatures.
The values of RB generally decrease with temperature and increase with substrate bias.

Figure 5. RB values for films deposited at 250 ◦C and substrate bias levels ranging from 0 to −160 V.
The line shown is a parabolic fit to the data.

3.3. Area-Detector Diffraction Studies

Additional X-ray diffraction studies were carried out using a Bruker system equipped with a
Vantec-500 area detector and a CoKα radiation source. By setting the χ-stage in the 54.74◦ position,
we were able to collect X-ray data in the range of ψ ~0◦ to 55◦ (with ψ = 0◦ being the normal
Bragg-Brentano position). However, in some of the films, the presence of significant texture did not
allow accurate measurements of peak positions at all ψ angles. Therefore, only a subset of the deposited
films could be analyzed by this technique, as indicated below.

In order to analyze samples, a set of four raw frames (at 90◦ rotations about the sample normal)
was first collected on the Vantec-500 detector which was set at a 2θ angle to allow optimal position of
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the two partial Debye rings corresponding to the (111) and (200) lines. The 2θ-peak positions (vs. ψ)
for each ring were determined by using the Bruker GADDS stress analysis software (v. 4.1.51) for
bi-axial 2D analysis, which divides the ring into 10 segments and integrates each segment (0.1o step
size) to determine the average peak position for that segment. The peak positions were converted to
d-spacings, giving the d200 and d111 values vs. ψ angle. The next step in the analysis was to obtain
tables of d111 and d002 values as a function of ϕ, which is the angle between the (002) direction (c-axis)
and the substrate plane. For d002 values the ψ and ϕ angles are the same, but for (111) reflections,
the conversion ϕ = 54.74 − ψ was necessary, as shown in Figure 1. The d111 values were then reordered
to list the results in increasing values of ϕ, from near zero to approximately 55◦. While the angular
range for ϕ was similar for the d111 and d200 data sets, the average angle of each of the 10 integrated
sections was not the same, so for further analysis the data were fit to a second-order polynomial
ranging from ϕ = 0◦ to 60◦ in 5◦ steps. The fitted d111 and d002 values were first used to calculate the
a111 and a002 values based on the assumption of a cubic lattice. They were then used to calculate the
parameters for a tetragonal lattice, a200 (=a) and a002 (=c), using the relation c = 2 d002 and the a value
obtained from Equation (3). In addition, the volume of the tetragonal unit cell was calculated using the
equation V = a2c.

Figure 6 plots the values of a111 and a200 based on a cubic lattice assumption. As expected, the a200

values are always higher than a111. The degree of separation between the curves is consistent with
Figure 4. The variations of ahkl with ϕ provides important information on possible residual stress
effects and will be discussed further in the following section. Comparing actual RB values from the
area detector data (at ψ = 0) with those in Figure 4, it was found that the area detector results gave RB
values 5%–6% higher in all four cases. Figure 6 also shows that, in all cases, the a-values decrease with
increasing ϕ, although not at the same rate for all samples.

Figure 6. Lattice constant values as calculated from the positions of the (111) and (200) peaks, shown for
four different deposition conditions (a–d). The lattice constants shown here were calculated based
on the assumption of a cubic structure. The values are shown as a function of ϕ; at ϕ = 0 the [002]
direction is parallel to the surface plane normal.

Next, assuming a tetragonal lattice, the c/a values were calculated and the results are shown in
Figure 7. Overall, the values range from about 1.01 to 1.05. The ϕ-dependence is varied, ranging from
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almost constant (S-150-60) to strongly decreasing (S-250-140) to increasing (S-250-100). The values
tend to show as slight decrease in c/a near 30◦, but this has be determined to be due to a slight (and
non-correctable) misalignment of the detector. Figure 8 shows the unit cell volume as a percentage
change from the initial (ϕ = 0) volume. In all cases, the unit cell volume decreases with increasing
ϕ, with the maximum values shown (at ϕ = 55◦) ranging from about −1% to −4%. Sample S-150-60
showed the largest percentage decrease, and was also the sample with the highest c/a values.

Figure 7. Calculated c/a ratio as determined from area-detector diffraction analysis. The c/a ratios are
all greater than 1.0 but the dependence on ϕ varies considerably in both magnitude and rate of change
with ϕ.

Figure 8. Percentage volume change for the tetragonal lattice based on area detector X-ray diffraction
data. In all cases, the volume decreased as the ϕ angle increased. The decrease is most significant for
sample S-150-60, which had the highest c/a ratio.

Having calculated c/a ratios for these samples, we can calculate the expected separation between
2θ002 and 2θ002, denoted here as Δ2θ. Values were calculated for the four samples examined in this
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section, and a range of values was obtained depending of the ψ values. The results are shown in
Table 1. In general, even for broad peaks of the nature shown in Figure 4, the (002)/(200) peak split is
large enough in most cases to be readily observed. Yet, examination of the entire area detector field
showed no extra peaks were present.

Table 1. Expected for (200)/(002) peak split.

Sample Δ2θ Range

S-60-150 2.8–2.9◦

S-60-250 0.6–0.8◦

S-100-250 1.4–2.2◦

S-140-250 0.84–2.1◦

4. Discussion

In this study the nature of the well-known diffraction anomaly observed in samples of expanded
austenite or the S-phase in nitrogen supersaturated stainless steels has been studied in sputter-deposited
thin films. The use of this thin film deposition technique allows us to examine the effects of variations
in the substrate temperature and bias, and films can be deposited at temperatures lower than those
typically used in plasma nitriding of bulk samples. Also, in contrast to most plasma-nitriding methods,
sputter deposition results in compositionally uniform samples, and therefore simplifies the analysis of
X-ray diffraction data.

The extent of the diffraction anomaly was first characterized by calculating “RB-values”
from standard Bragg-Bretano X-ray diffraction patterns, with RB = 0.75 indicating a normal cubic
lattice. As shown in Figures 4 and 5, the RB-values increased with substrate bias and decreased with
increasing temperature. These results can be considered in parallel with the nitrogen content in the
films (Figure 2), which decreases with substrate bias but where only a small temperature effect is
observed. The increase in RB with bias, as well as the decrease in nitrogen content indicates that less N
in the lattice increases the diffraction anomaly. Kappaganthu and Sun [15] deposited similar films by
reactive sputtering using a range of nitrogen gas concentrations and obtained RB-values (as calculated
based on their data) similar to those reported here, but also obtained stoichiometric films which had
RB-values of 0.75. These results support the conclusion that the extent of the diffraction anomaly is
proportional to the deficiency of nitrogen in the lattice. However, the results shown in Figure 4 also
show a trend of decreasing RB with increasing temperature in samples that had a relatively constant N
content. It is well established, via the zone model, that higher deposition temperatures increases the
film density and grain size while reducing film defects such as intergranular voids, faceted columns,
and feather-like structures [37]. However, the presence of such defects is not known to produce a
diffraction anomaly. In addition, the results shown in Figure 4 appear to suggest contradictory evidence
for this hypothesis: RB decreases with increasing substrate deposition temperature, which should help
densify films, but increases with bias, which also increases film density. The possibility of peak shifts
due to stacking fault defects, as discussed in the Introduction, may explain the temperature effect but
detailed microscopic examinations of our samples will be needed to verify this.

One explanation for the diffraction anomaly is that (002) and (111)-oriented grains have
different nitrogen concentrations, and therefore different lattice constants; when measured using
the Bragg-Brentano method each peak would represent different grains. Therefore, it is important to
obtain the (111) and (002) interplanar spacings form similarly-oriented grains. This was done here
using the area detector diffraction method, where interplanar spacings from planes oriented away
from the substrate surface orientation could be measured. This allowed the interplanar spacings of
(111) and (002) planes to be measured for grains of similar orientations. The results were first analyzed
assuming a cubic structure, as shown in Figure 6. As expected, the a111 and a200 had different values
over the range of ϕ values. Generally, these ahkl either decreased or remained constant with ϕ but
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were still significantly different over the range of ϕ. Physically, this means that measured a111 and a200

values were truly different within a single grain and not due to the fact that each was measure from
grains of different orientations.

The variations of ahkl with ϕ observed in Figure 6 can be considered as possible effects of residual
stress. We first consider the (002) planes parallel to the substrate normal, as shown in grain 1 in
Figure 1. For a compressive (in-plane) residual stress, these planes would have a higher value of a002

compared to the unstressed state. For (002) planes tilted away from the substrate normal (increasing
ϕ), as shown in grain 2, the value of a002 will decrease. This is observed for Figure 6a,d (the curves in
Figure 6b,c suggest little or no stress is present in these cases). For the (111) planes, the ϕ = 0 case
refers to the tilted case (as shown in grain 1) and as ϕ increases the (111) planes become increasingly
parallel to the surface. Therefore, when plotting the data as a vs. ϕ, the a111 values should increase
with increasing ϕ (for a compressive stress). This is contrary to the data shown in Figure 6, where a111

is always decreasing. Therefore, while residual stress may impact the curves, it alone cannot explain
the data shown in Figure 6.

Next, the possibility of explaining the peak shift using a tetragonal structure was explored.
Using Equation (3), the c/a values were calculated as shown in Figure 7. The values were all greater
than one, however, no consistent trend was observed when examining the ϕ-dependence. In fact,
results ranged from being relatively constant to increasing to decreasing. However, calculation of
relative unit cell volume (Figure 8) did show a consistently decreasing value with ϕ although with
varying magnitudes. This is consistent with the observation that the diffusion of N is highest for (002)
oriented grains, giving these grains a higher N concentration and larger lattice constant. Even without
the tetragonal lattice assumption (as observed in the data in Figure 6), the largest lattice constants are
generally found in the [002]-oriented grains.

The tetragonal model can also be used to calculate the location of the additional peaks that should
be observed, and Table 1 shows calculations of the expected peak split for the (002)/(200) reflections.
However, no additional peaks were observed. Despite the fact that the d-spacings from the (111) and
(002) peaks are inconsistent with the cubic structure, no evidence for a non-cubic structure could be
found. This suggests that the anomaly is related to defects created by sub-stoichiometric N content,
which is supported by the decreasing RB values with increasing substrate temperature.

5. Conclusions

Thin films of nitrogen-enhanced 304 stainless steels were deposited by magnetron sputtering
using primarily substrate temperature and bias as deposition variables. Samples were analyzed using
X-ray diffraction methods in order to help understand the origin of the well-known diffraction anomaly
commonly observed in S-phase samples.

The films were found to contain between 28 and 32 at.% nitrogen. Higher substrate bias levels
results in a lower nitrogen contents, possibly due to sputtering of nitrogen during deposition. Substrate
temperature had only a minor effect, mostly resulting in a in a slightly higher nitrogen level at
higher temperatures.

X-ray diffraction using the Bragg-Brentano method was carried out with particular focus on
measuring the positions of the (111) and (002) peaks. Using these results a term denoted RB, which is
related to the extent of the diffraction anomaly, was calculated as a function of deposition conditions.
It was found that the RB values decreased with substrate temperature, and increased strongly with
substrate bias.

Area detector diffractometry studies were conducted and analyzed using a tetragonal structure
model. This allowed calculation of c/a ratios and the expected (002)/(200) peak split. However, no peak
split was observed, indicating the tetragonal structure model is not valid for these samples. This also
suggests that a defect-based hypothesis is more viable as an explanation for the diffraction anomaly.
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Appendix A

The discrepancy between the a111 and a200 measured lattice constants, as shown for example
in Figure 6, needs to be considered in comparison to the accuracy typical of XRD measurements.
To examine this more closely, we measured the a111/a200 lattice constants for a Cu powder, for which
the calculated lattice constants should be identical. Data were acquired in a manner similar to that
for Figure 6 (Using the Bruker XRD instrument) and processed in a similar way to obtain a vs. ϕ.
The results are shown below in Figure A1, where the scale for the a-values was chosen to be similar
to that in Figure 6. The discrepancy is at most ~0.02 A, whereas the difference between a111 and a200

in Figure 6 is typically between 0.05–0.1 A. This supports the fact that the a111/a200 lattice constant
differences shown in Figure 6 is not due to measurement inaccuracies.

Figure A1. Measured lattice constants for a Cu powder based on the (111) and (200) reflections vs. ϕ,
angle increased. The figure demonstrates the typical accuracy of the lattice constant measurement.
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Abstract: In this work, amorphous hydrogen-free silicon nitride (a-SiNx) and amorphous hydro-
genated silicon nitride (a-SiNx:H) films were deposited by radio frequency (RF) sputtering applying
various amounts of hydrogen gas. Structural and optical properties were investigated as a function
of hydrogen concentration. The refractive index of 1.96 was characteristic for hydrogen-free SiNx

thin film and with increasing H2 flow it decreased to 1.89. The hydrogenation during the sputtering
process affected the porosity of the thin film compared with hydrogen-free SiNx. A higher porosity is
consistent with a lower refractive index. Fourier-transform infrared spectroscopy (FTIR) confirmed
the presence of 4 at.% of bounded hydrogen, while elastic recoil detection analysis (ERDA) confirmed
that 6 at.% hydrogen was incorporated during the growing mechanism. The molecular form of
hydrogen was released at a temperature of ~65 ◦C from the film after annealing, while the blisters
with 100 nm diameter were created on the thin film surface. The low activation energy deduced from
the Arrhenius method indicated the diffusion of hydrogen molecules.

Keywords: SiNx:H; refractive index; activation energy; structure

1. Introduction

Hydrogenated silicon nitride (SiNx:H) films are widely used in the microelectronics
industry to enhance the efficiency of silicon-based light emitters [1] or to improve the
efficiency of silicon solar cells as the antireflective and passivation layer on the front
surface of such device structures. Silicon nitride (Si3N4, hereinafter referred to as SiN)
thin films may be applied as inorganic gate insulators in organic thin film transistors
(OTFTs) [2]. SiN:H is also an appropriate material for charge trap functional region of
non-volatile memory (NVM) structures [3]. Their tunable refractive index together with the
low extinction coefficient enable the application of SiNx as an excellent antireflection thin
film [4]. Furthermore, SiNx:H containing multilayer stacks with a gradient refractive index
profile were recommended to further decrease the optical losses [5]. Apart from the optical
properties, the passivation effect of SiNx:H layers is also substantial since recombination
losses significantly restrict the performance of solar cells. Hydrogenated silicon nitride
films have been reported to show a good surface and bulk passivation effect after annealing
due to atomic hydrogen diffusion to the surface [6]. As dangling bonds are healed by
hydrogen, the number of recombination centers can be reduced, which results in increasing
carrier lifetime. However, the molecular hydrogen migration requires a higher activation
energy and low diffusivity [7].
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The most common techniques for deposition of the silicon nitride films with or with-
out hydrogen addition are different types of chemical vapor deposition (CVD), such as
plasma-enhanced chemical vapor deposition (PECVD) [8,9], remote plasma-enhanced CVD
(RPECVD) [10], electron cyclotron resonance (ECR) [11,12], hot-wire CVD (HWCVD) [13],
and extended thermal plasma CVD (ETPCVD) [14]. CVD-deposited film always contains
hydrogen but its amount cannot be directly controlled during the preparation process,
only by several deposition parameters, such as the ratio of precursor gases or the substrate
temperature [9,12]. Due to this fact, the magnetron sputtering technique could be the
alternative fabrication method for directly controlled hydrogen concentration via adjusting
the applied hydrogen gas flow to the chamber [15].

Direct current (DC) magnetron sputtering [16], radio frequency (RF) sputtering [17],
and high-power impulse magnetron sputtering (HiPIMS) [18] were also proved to be proper
methods to produce SiNx:H thin films at a lower substrate temperature. In the case of
different sputtering techniques, it is possible to directly control the amount of hydrogen by
adjusting the applied hydrogen gas flow. K. Mokeddem et al. developed the DC magnetron
sputtering (DCMS) technique to prepare hydrogenated amorphous silicon nitride thin films
in argon gas flow mixed with molecular hydrogen and nitrogen [16]. These films presented
a large band gap and showed a nearly stoichiometric composition, and both nitrogen
and hydrogen were incorporated into the structure. F.L. Martinez et al. used electron
cyclotron resonance plasma-enhanced CVD for amorphous hydrogenated silicon nitride
(a-SiNx:H) film deposition under different values of gas flow ratio, deposition temperature,
and microwave power [12]. The formation of Si–H and N–H as competitive processes
occurred during the film growth. They showed that the substitution of N–H bonds with
Si–H bonds was driven by the tendency for chemical order or maximum bonding energy. V.
Tiron et al. used the reactive HiPIMS technique to fabricate SiNx:H thin films. Their coating
showed a very smooth surface with a dense homogeneous amorphous and amorphous to
nanocrystalline structure [18]. This coating revealed a diffusion process of atomic H into
the Si substrate, indicating the presence of numerous hydrogen bonds (Si–H and N–H)
that could passivate structural defects and reduce the number of recombination centers in
silicon bulk.

The physical, electrical, and optical properties of amorphous SiNx and SiNx:H thin
films strongly depend on film composition and the applied deposition technique. Ellip-
sometry is a widely used non-destructive technique for the optical characterization of a
wide range of thin layer-on-substrate material systems. The optical properties cannot be
deduced directly from the raw measurement data but indirectly from the ellipsometric
modeling process. Therefore, the choice of the applied ellipsometric model is an important
point of data evaluation. Boulesbaa et al. developed an effective medium approximation
(EMA) model, which considers SiNx:H films as a mixture of silicon (Si), stoichiometric
silicon nitride, and hydrogen (H2) [19]. In addition to experimental work, the optical
properties of SiN:H films have also been studied by theoretical models. F. de Brito Mota
et al. developed an interatomic potential to describe a-SiNx:H thin films of varying nitrogen
content [20]. They found that hydrogen incorporation into silicon nitride films leads to
the reduction of dangling bonds corresponding to undercoordinated silicon and nitrogen
atoms. Tao et al. calculated the optical properties of SiNx:H films based on the density
functional theory [21]. They found that the hydrogen incorporation into the silicon nitride
films had a healing effect by saturating the dangling bonds, which leads to the decrease of
absorption coefficient and refractive index of the films.

Different deposition conditions may result in modified coating structure and material
properties. In this work, amorphous hydrogen-free (a-SiNx) and a-SiNx:H thin films were
deposited by RF sputtering onto two kinds of substrates (Si (001) and glass) with various
amounts (0–12 sccm) of hydrogen. The effects of the hydrogen flow on the optical and
structural properties were investigated.
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2. Experimental Section

Both types of silicon nitride thin films (a-SiNx, a-SiNx:H) were deposited by a Ley-
bold Z400 Radio Frequency Sputtering (RFS) tool (Figure 1). The base pressure was
2 × 10−5 mbar. A circular Si target with a diameter of ~76 mm (Kurt J. Lesker Comp., un-
doped with 99.99% purity) and N2 gas source were applied for deposition of the hydrogen-
free silicon nitride films.

Figure 1. Schematic view of the sputtering system.

In the case of SiNx:H films, N2 and hydrogen with a flow rate in the range from 0 to
12 sccm were added. The gas flow rates were controlled by adjustable mass flow controllers
(MFCs). The sputtering parameters are summarized in Table 1.

Table 1. Summary of sputtering parameters (U = 2 kV, ptotal = 2.5 × 10−2 mbar for all thin films. Single-side polished (SSP),
double-side polished (DSP). * fully closed valve.

Nr. Thin Film pH2 (10−4 mbar)
pH2 % of Total
Pressure (%)

Sputtering
Time (min)

Flow (sccm) Substrate

R1 a-SiNx 0 0 30 0 * SSP
R2 a-SiNx 0 0 80 0 * SSP, DSP glass
S1 a-SiNx:H 0.5 0.2 30 0.9 SSP
S2 a-SiNx:H 0.8 0.32 30 1.6 SSP
S3 a-SiNx:H 1.5 0.6 30 3 SSP
S4 a-SiNx:H 3.3 1.32 30 6 SSP
S5 a-SiNx:H 7.9 3.16 30 12 SSP
S6 a-SiNx:H 3.3 1.32 80 12 SSP, DSP glass

Single-side and double-side polished (SSP and DSP, respectively) intrinsic un-doped
crystalline (001) Si wafers and ~40 mm × 40 mm size soda lime glass slides with nominal
thickness of 4 mm (Guardian Orosháza Ltd., Orosháza, Hungary) were used as substrates.
The target–substrate distance was constantly kept as 50 mm. The sputtering process was
applied at room temperature. The thin film properties are not directly determined by
the process parameters because the plasma diagnostic results are not available. Fourier-
transform infrared spectroscopy (FTIR) was used for investigating the hydrogen bond
configuration. FTIR measurements were performed by a Varian 7000 FTIR spectrometer
(Agilent Technologies, Santa Clara, CA, USA) connected to a UMA 600 IR microscope
equipped with a mercury–cadmium–telluride (MCT) detector. The absorbance spectra were
recorded in the wavenumber range between 600 and 4000 cm−1 with spectral resolution
of 4 cm−1. The evaluation of the measured spectra including the baseline correction by
adjusted polynomial fit was done using Origin 2019b (64-bit) software, version 9.6.5.169.
Transmission electron microscopy (TEM, Philips CM20 with 200kV accelerating voltage,
Hillsboro, OR, USA) and Cs-corrected (S)TEM (FEI Themis 200 with accelerating voltage
200 kV) were applied for the structural characterization of the thin films. TEM samples
were prepared by conventional Ar ion milling technique. Scanning electron microscopy
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(SEM, LEO 1540 XB with accelerating voltage 5 kV) was used to investigate the morphology
of the thin films’ surfaces before and after annealing. SE measurements were performed
by a Woollam M2000DI UV–VIS ellipsometer (Woollam Co., Lincoln, NE, USA) at the
angles of 70◦ and 75◦ with a compensator frequency of 20 Hz. The wavelengths used for
the measurements ranged from 200 to 1600 nm. The hydrogen-free SiNx thin film was
modeled by the Cauchy–Urbach equation and it was considered as a mixture of silicon (Si),
hydrogen-free stoichiometric silicon nitride (Si3N4), and void. Based on this consideration,
the thin films were modeled by the Bruggeman-type EMA model. All modeling and
calculations were performed using Woollam VASE software (versions of 3.83 and 3.84). The
activation energy of the surface modification was determined from the Arrhenius equation
using an optical measurement configuration, the details of which are given elsewhere [22].
The 1.6 MeV Rutherford backscattering spectrometry/elastic recoil detection analysis
(RBS/ERDA) measurements were performed in a scattering chamber with a two-axis
goniometer, which was connected to the 5 MV EG-2R Van de Graaff accelerator operated
at the Wigner Research Center of Physics in Budapest, Hungary. The 4He+ analyzing ion
beam was collimated using two sets of four-sector slits. The width × height of the beam
spot was 0.2 mm × 1 mm. The beam divergence was kept below 0.06◦. The beam current
was measured using a transmission Faraday cup. The vacuum in the scattering chamber
was kept at about 10−4 Pa. Hydrocarbon deposition was avoided by liquid N2-cooled traps
along the beam path and around the wall of the chamber. A Mylar foil with thickness
of 6 μm was placed before the window of the ERDA detector to capture backscattered
He+ ions. Kapton foil as reference was used for calibration of the hydrogen content of the
samples. ORTEC Si surface barrier detectors mounted at scattering angles of Θ = 165◦ and
20◦ were used to detect RBS and ERDA spectra, respectively. The detector resolution was
about ~20 keV. The spectra were measured at sample tilt angles of 7◦ and 80◦ for RBS, and
80◦ for ERDA.

3. Results and Discussion

3.1. Optical Characterization of Thin Films

The refractive index and extinction coefficient are related to the interaction between a
thin film and the incident light, indicating the optical properties of the thin films. SE is one
of the most popular tools for characterizing the optical properties of different materials.
The polarization state of the light changes while it is reflected or transmitted by the sample.
Detection and interpretation of this change are the basis of the ellipsometric method. The
thin films, reference R1 and thin films with hydrogen addition (S1–S6), were measured

by SE in reflectance mode, where the complex reflectance ratio (
−
ρ) is recorded by the

instrument. This quantity is usually expressed by the ψ and Δ ellipsometric angles in the
following form:

−
ρ =

−
rp
−
rs

= tgψ× eiΔ (1)

where
−
ρ ,

−
rp, and

−
rs refer to the complex reflectance ratio, reflectance coefficient in p (parallel

to the incident plane), and s (perpendicular to the incident plane) directions, respectively.
The evaluation of the measurement data includes the modeling and fitting procedure. The
differences between the modeled (generated) and real (measured) ψ and Δ ellipsometric
angles are minimized by adjusting the free parameters of the applied model. The effects of
the hydrogen flow applied to the different optical properties of the a-SiNx:H thin films are
shown in Figure 2. The refractive index of 1.96 is characteristic for the reference thin film
(R1) sputtered in nitrogen atmosphere (Figure 2a). The addition of hydrogen until 3 sccm
gives no or minimal effect on the refractive index. The increasing of hydrogen flow from
6 to 12 sccm results in a decrease in the refractive index from 1.96 to 1.89 (Figure 2a). We
note that K. Mokkedem et al. reported a refractive index of 1.8 for hydrogenated silicon
nitride thin films deposited under similar conditions using DC magnetron sputtering [16].
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(a) (b) 

Figure 2. Effect of hydrogen flow on the optical properties of a-SiNx thin films: (a) refractive index, (b) extinction coefficient.

The refractive index of stoichiometric SiN is greatly dependent upon the deposition
conditions, but it is greater than 2.0 at 630 nm [23]. The lower values of our RF-sputtered
thin films indicate the presence of the non-stoichiometric SiNx phase. The extraction of
the optical constants using the optical reflection spectra alone is usually very infrequent
and complicated. The extinction coefficient values exhibit a large difference between the
thin films grown with or without hydrogen (Figure 2b). There is a shift in the extinction
coefficient from 400 to 300 nm, when hydrogen/nitrogen reactive sputtering is used.

The refractive index measured at 550 nm wavelength has a decreasing character as
the partial pressure of hydrogen is increased during the sputtering process (Figure 3). K.
Mokkedem et al. showed that the refractive index of their films vs. partial pressure of
H2 had a similar character. They confirmed the effect of the hydrogen partial pressure
on the refractive index. These variations may be explained by hydrogen and nitrogen
incorporation into the thin films [16].

Figure 3. Refractive index of hydrogenated silicon nitride (SiNx:H) thin films at a wavelength of
550 nm as a function of H2 partial pressure.

3.2. Bonding Configuration and Chemical Composition

Understanding the chemical properties of silicon nitride and the role played by the
hydrogen atoms that are incorporated during the growth of the film is a key factor for
a-SiNx:H applicability. FTIR is a widely used method for characterization of the bonding
configuration in thin films. FTIR measurements allow to characterize the bonds involved
in the material, and eventually to determine the bond densities and thus hydrogen concen-
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tration thanks to the method developed by Lanford and Rand [24]. In the case of a-SiNx:H,
the presence of different hydrogen bonds can also be assumed based on the Lanford–Rand
method [24].

Absorbance spectra of a-SiNx (R2) and a-SiNx:H (S6) revealed the bonding configu-
ration of the investigated thin films (Figure 4), consisting of typical absorption bands for
different hydrogen bonding to nitrogen and silicon. The peak at 880 cm−1 is associated
with the Si–N stretching mode [25]. Peaks observed at 1175, 2200, and 3335 cm−1 refer to
the presence of the N–H bending mode, Si–H stretching mode, and N–H stretching mode,
respectively [26].

Figure 4. Absorbance spectra of reference a-SiNx (R2) and a-SiNx:H (S6) thin films.

The concentrations of the N–H and Si–H bonds (CY−H) were calculated using the
Lanford–Rand method [24] defined in the following form:

CY−H =
AY−H

ln10 × σY−H
=

∫ (Y−H)f

(Y−H)s α(ω)d(ω)

ln10 × σY−H
(2)

where Y corresponds to silicon (Si) or nitrogen (N) atoms, AY−H, σY−H, (Y − H)s, (Y − H)f,
α(ω) are the concentration of Y–H bond in the cm−3 unit, the normalized absorption
area of the Y–H band, the absorption cross-section of the Y–H bond in the cm2 unit, the
beginning wavenumber of the Y–H band in the cm−1 unit, the final wavelength of the Y–H
band in the cm−1 unit, and the spectral absorption coefficient, respectively.

The σN−H and σSi−H absorption cross-sections were determined by Lanford and
Rand [24]: σN−H = 5.3 × 10−18 cm2 and σSi−H = 7.4 × 10−18 cm2. These values were
used in Equation (2) above. Table 2 summarizes the parameters and the results of the
calculations for both Si–H and N–H bond concentrations.

Table 2. Calculation parameters and results of the Si–H and N–H bond concentrations.

Bond (Y–H)s (cm−1) (Y–H)f (cm−1) AY–H σY–H (10−18 cm−2) CY–H (1020 cm−3)

N–H 3026 3502 0.066 5.3 3.49

Si–H 1994 2299 0.016 7.4 0.61

If the hydrogen is one coordinated, then the total concentration of bonded hydrogen
atoms in the film can be calculated by the sum of the concentration of N–H and Si–H bonds:

CH, bound = CN−H + CSi−H (3)
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Based on Equation (3), the amount of total bonded hydrogen content of the S6 sample
is 4.1 × 1020 at/cm3.

Rutherford backscattering spectrometry (RBS) in combination with elastic recoil de-
tection analysis (ERDA) measurements were performed to obtain thin film elemental
concentration depth profiles.

The atomic concentrations of silicon, nitrogen, free (unbounded), and bounded hy-
drogen as well as thin film atomic densities were determined (Table 3) from measured
RBS/ERDA spectra, considering the layer thicknesses determined from TEM measure-
ments. The samples show comparable atomic densities; only a-SiNx:H sputtered with high
hydrogen flow (S4) showed a lower value of ~4.9 × 1022 at/cm3. In the case of the thin (S1)
and thick a-SiNx:H (S6) samples, the atomic density of measured hydrogen was found to
be 0.46 × 1022 and 0.59 × 1022 at/cm3, respectively (Table 3). We note that RBS/ERDA is
not sensitive to the chemical bonding states and measures all the hydrogen content even if
it is in atomic, bounded, or in H2 molecular form.

Table 3. Atomic layer densities and concentrations (at.%) and atomic densities (at/cm3) for the Si, N, and H components of
a-SiNx:H layers as evaluated from RBS/ERDA measurements using layer thicknesses (in nm) obtained from TEM analysis.
* fully closed valve.

H2 Flow
(sccm)

Atomic Layer Density
(1022 at/cm3)

Silicon (Si) Nitrogen (N) Hydrogen (H)

at.% (1022 at/cm3) at.% (1022 at/cm3) at.% (1022 at/cm3)

0 * 6.8 43.2 3.1 50 3.59 6.8 0.46

0.9 6.25 40.4 2.48 52 3.19 7.6 0.47

1.6 6.6 43.3 2.73 45.3 2.85 11.4 0.75

3 4.9 35.2 1.72 52.4 2.57 12.4 0.61

12 6 33.1 1.99 57 3.42 9.9 0.59

Lanford et al. noted that the exact values of hydrogen content cannot be measured by
FTIR, but a good approximation of the bonding structure is represented [24]. In contrast to
effusion measurements, FTIR shows only the bonded amount of hydrogen in the material,
whereas the effusion measurement detects the total hydrogen content including atomic
hydrogen as well.

However, effusion of hydrogen is mostly detected as molecular H2. In RF-sputtered
a-SiNx:H (S6), the concentration of bonded hydrogen calculated from FTIR spectra is only
4 at.%. The ERDA measurement confirmed 10 at.% of the total hydrogen concentration
(Table 3). This means that 6 at.% hydrogen was incorporated during growth in molecular
form. This fact is in good agreement with density measurements (Table 3). According
to Dekkers et al., a low-density material induces the release of hydrogen in molecular
form (H2) and a denser SiNx makes the hydrogen desorption slower but its atomic form is
preferred [27].

3.3. Activation Energy

Owing to the annealing chemical reactions such as breaking up and rebuilding of
different bonds, diffusion of hydrogen atoms or molecules could take place. The energy
must be provided for a certain chemical reaction (activation energy) of the process. As
a result of chemical reactions, the annealing quality of the layer surface can be changed.
The estimated activation energy can be detected by this change. The arrangement of the
measurement described in Ref. [22] enables the determination of onset time of the layer
surface change by monitoring the elapsed time and the alteration of the reflectivity of the
sample surface.

The a-SiNx:H thin film sputtered at a H2 flow of 6 sccm (S4) was investigated at
different temperatures. The temperature and the corresponding onset time values are
summarized in Table 4. The Arrhenius equation [28] describes the rate constant of a
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chemical reaction as a function of the temperature in terms of two empirical factors, namely
Eexp experimental activation energy and A pre-exponential factor:

r(T) = Ae−
Eexp
kBT (4)

where r, T, and kB refer to the rate constant, temperature in K units, and Boltzmann
constant, respectively. A and Eexp can be determined from the parameters (increment and
slope) of linear fit on ln(k) against 1/T experimental points.

Table 4. Measurement data of the a-SiNx:H thin film sputtered at a H2 flow of 6 sccm (S4) for the
Arrhenius plot.

Temperature (K) Onset Time (s)

320 292

323 149

326 57

330 28

The r reaction rate constant against the inverse temperature of annealing and the
linear fit on the data points are shown in Figure 5. The experimental activation energy
(Eexp) deduced from the slope of the fitted line is Eexp = 2.19 ± 0.17 eV. It must be noted
that the error of Eexp is much bigger than the error of the linear fit due to the uncertainty of
time and temperature measurement.

 
(a) (b) 

Figure 5. Arrhenius plot of the a-SiNx:H thin film sputtered at a H2 flow of 6 sccm (S4): (a) experimental data, (b) linear fit.

3.4. Structural and Morphological Characterization

Structural investigations confirmed the film thickness between ~142 nm and 155 nm
(Figure 6). The selected area electron diffractions (SAEDs) proved that the deposited
layer structure is amorphous without any crystalline structure (Figure 6). The SAED was
provided by the ProcessDiffraction program [29–31].
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(a) (b) (c) 

  

(d) (e) (f) 

Figure 6. Cross-section TEM images of a-SiN and a-SiNx:H thin films sputtered at different H2 flow: (a) 0 sccm (R1) with
selected area electron diffraction (SAED) detail, (b) 0.9 sccm (S1), (c) 1.6 sccm (S2), (d) 3 sccm (S3), (e) 6 sccm (S4), and
(f)12 sccm (S5).

Such a large difference indicates a more complex incorporation mechanism of hy-
drogen in the silicon–nitrogen network and the presence of voids in a-SiNx:H thin films.
These structural observations correlated with the refractive index values. The refractive
index decreased with increasing hydrogen flow and porosities during the growth process
of the thin films. Similar results were obtained by AJ. Flewitt et al. when the nitrogen
incorporation into a-Si:N:H films was caused by the dissociation of NH3 molecules, leading
to the reaction with a growing surface. This process resulted in a lower refractive index of
the a-SiNx:H [32].

TEM provides direct information on the structure of materials. Furthermore, the
high-angle annular dark-field (HAADF) STEM allows the visibility of the porosities. The
detailed study confirmed the dense thin film (Figure 7a) during hydrogen-free sputtering
and the porous structure with nanometer-scale porosities homogenously distributed in the
thin film sputtered at 1.6 sccm hydrogen flow (Figure 7b).
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(a) (b) 

Figure 7. High-angle annular dark-field (HAADF) STEM images of a-SiNx thin films: (a) hydrogen-
free a-SiNx thin film (S1), (b) a-SiNx:H (S3).

The out-diffusion of hydrogen due to annealing plays a prominent role in the densifi-
cation of thin films. The temperature of 800 ◦C was considered as a critical temperature,
since the a-SiNx thin films are often subjected to thermal processes including rapid thermal
annealing [33]. Morphological investigations of the thin film’s surface before (Figure 8a)
and after (Figure 8b) annealing show that the surface of a-SiNx:H thin film changes due
to heat treatment (Figure 8). The hydrogen, because of its molecular form, is released at a
temperature of ~65 ◦C from the film. Blisters with a diameter of the order of 100 nm are
created on the surface of the thin films. It is known from the literature [10,34,35] that, upon
annealing, both hydrogen and nitrogen releases from a-SiNx:H thin film were observed.

  

(a) (b) 

Figure 8. SEM images of a-SiNx sputtered at a H2 flow rate of 12 sccm: (a) surface before annealing, (b) surface after
annealing at 800 ◦C.

Similar to the effect reported in Ref. [22], blisters on the layer surface could be burst
bubbles filled with hydrogen and/or nitrogen containing molecules. Initially, the volume
of these bubbles was increasing due to thermal expansion of the fill-up gas during heat
treatment. Then, at a critical point (at a given temperature after a certain time), the bubbles
burst, leading to blister creation on the surface.
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4. Conclusions

Amorphous hydrogenated silicon nitride thin films (a-SiNx:H) have widespread appli-
cations from device passivation to light emitting diodes and antireflective coatings for solar
cells. Chemical vapor deposition (CVD) and physical vapor deposition (PVD) are the most
common techniques for silicon nitride film deposition with or without hydrogen addition.
CVD-deposited film always contains hydrogen and its amount cannot be controlled directly
during the preparation process. Due to this fact, the alternative fabrication method for
controlled hydrogen concentration in a direct way from zero hydrogen content by adjusting
the applied hydrogen gas flow to the chamber could be PVD (e.g., RF sputtering).

In this work, a-SiNx:H films were sputtered at various H2 flows with average thickness
of 150 nm, and the effect of hydrogen incorporation on structural and optical properties was
studied. The detailed structural characterization confirmed the formation of a dense thin
film at hydrogen-free sputtering and a porous structure with homogenously distributed
nanometer-scale porosities caused by hydrogen addition. The refractive index of 1.96
was characteristic for hydrogen-free SiNx thin films. Hydrogen flows up to 3 sccm were
found to have no or minimal effect on the refractive index; for flows from 6 to 12 sccm, the
refractive index decreased from 1.96 to 1.89, which can be explained by the hydrogen and
nitrogen incorporation into the thin films. The calculations from FTIR spectra showed that
a-SiNx:H sputtered at 6 sccm H2 flow presented a concentration of bounded hydrogen of
~4 at.%. The ERDA measurements confirmed a total hydrogen content of 10 at.%. This
means that 6 at.% hydrogen was incorporated in a molecular form during the layer growth,
which explained the lower density of the thin films. The out-diffusion of hydrogen due
to annealing plays a prominent role in the densification of thin films. The molecular form
of hydrogen is released at a temperature of ~65 ◦C from the film. Blisters with 100 nm
diameter are created on the surface of the thin films. The low activation energy calculated
by the Arrhenius method refers to significant diffusion of hydrogen molecules.
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Abstract: In this paper, the study of the influence of the matrix structure (mxm) of thin-film, rotation
angle (α), magnetic field (B), and size (D) of Fe2O3 nanoparticle on the magnetic characteristic
quantities such as the magnetization oriented z-direction (MzE), z-axis magnetization (Mz), total
magnetization (Mtot), and total entropy (Stot) of Fe2O3 nanocomposites by Monte-Carlo (MC) sim-
ulation method are studied. The applied MC Metropolis code achieves stability very quickly, so
that after 30 Monte Carlo steps (MCs), the change of obtained results is negligible, but for certainty,
84 MCs have been performed. The obtained results show that when the mxm and α increase, the
magnetic phase transition appears with a very small increase in temperature Néel (TNtot). When B
and D increase, TNtot increases very strongly. The results also show that in Fe2O3 thin films, TNtot

is always smaller than with Fe2O3 nano and Fe2O3 bulk. When the nanoparticle size is increased
to nearly 12 nm, then TNtot = T = 300 K, and between TNtot and D, there is a linear relationship:
TNtot = −440.6 + 83D. This is a very useful result that can be applied in magnetic devices and in
biomedical applications.

Keywords: isothermal entropy; Néel phase transition temperature; synthetic nanomaterials; Fe2O3

thin films; the Monte-Carlo method

1. Introduction

Thin films, two-dimensional physical systems with different structures and materials,
have been studied for many decades, especially after the discovery of the so-called giant
magnetoresistance effect [1,2] and topological phase transitions [3,4]. Research in this do-
main not only gives us theoretical results concerning the foundations of modern physics but
also leads to the nanotechnology of thin layers, which gives different new functional mate-
rials with significant applications in practice. Recently, Prof. Mirosław Dudek et al. [5–9]
intensively studied mechanical and magnetic characteristics of different two-dimensional
nanocomposite materials. We will discuss their results obtained in detail below. We would
like to emphasize that our paper follows this direction of study.

Nowadays, magnetic nanocomposites play an important role in science and technol-
ogy [10,11]. It is important in practical applications to find materials that can be used in
devices such as force sensors and refrigeration equipment. These devices always ensure
requirements such as high load capacity, good corrosion resistance, and lightweight. To
ensure these requirements, we choose Fe2O3 nano synthetic thin film as the subject of
this paper. The reason is that the synthetic nano-Fe2O3 thin film is an antiferromagnetic
material [12–17] with many advantages relative to the original material. Moreover, it is
widely used in practical applications such as recording equipment [18,19], refrigeration
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equipment [20,21], printing devices [22], photocatalyst materials [23,24], ion recovery [25],
magnetic nanofilm [26], magnetic resonance [27,28], magnetic fluids [29], pigments [30],
gas sensors [31,32], the biomedical field [33–37], and spintronics [38,39]. In addition, Fe2O3
is also a material with many structures, such as α-Fe2O3 (hematite), β-Fe2O3 and γ-Fe2O3
(maghemite), and ε-Fe2O3 [40]. Among them, the α-Fe2O3 hematite structure is the most
commonly used today, while the ε-Fe2O3 structure is the most difficult structure to be
manufactured. The ε-Fe2O3 structure has not been studied extensively. Applying the
experimental method, Zuohui Cheng et al. [41] have successfully determined the influ-
ence of enthalpy and entropy on the size of Fe2O3 materials. They concluded that when
the size (D) increases from D = 19.3 nm to D = 140.5 nm, the total magnetization (Mtot)
increases, and the Néel phase transition temperature (TNtot) increases from TNtot = 742 K to
TNtot = 897 K [41]. Liu et al. [42] proposed an approximate expression for the enthalpy and
entropy of the nanoparticles without considering the change in temperature during the
transition. Cui et al. [43] demonstrated that the crystallinity densities of the two transitions
are equal. Zhang et al. [44] successfully determined the Néel phase transition temperature
of Fe2O3 when considered system transitioned from the maghemite phase to the α hematite
phase, namely TNtot = 623 K at D = 4 nm and TNtot = 723 K at D = 24 nm. Mendili et al. [45],
Wenger et al. [46] have successfully determined that the magnetization (M) of γ-Fe2O3
nanoparticles increases when D increases (from D = 2 nm to D = 4 nm). Hou et al. [47]
suggested that the coercivity of nano-Fe2O3 increases when the D size increases (from
D = 12 nm to D = 40 nm). Jun Wang et al. [48] successfully determined the TNtot of α-Fe2O3
as TNtot = 930 K. In the study of José Luis García-Muñoz [49] for ε-Fe2O3, this temperature
was TNtot = 850 K. The obtained results show that, for bulk or nanomaterials, an increase
in D leads to an increase in TNtot. Additionally, it was found that, for Fe2O3 synthetic
thin film at room temperature T = 300 K, there exists a very large magnetic force of ap-
proximately 20 kOe. Due to this, Fe2O3 materials are used frequently in high-density
magnetic recording devices, high-frequency electromagnetic waves absorbers [50–52]. On
the other hand, ε-Fe2O3 is a ferromagnetic material [53]. In some kind, it is an intermediate
form between γ-Fe2O3 and α-Fe2O3, so its Neel phase transition temperature ranges from
TNtot = 150 K to TNtot = 500 K. It has a lowest temperature of TNtot = 150 K [54,55], and it is
characterized by a decrease in coercivity and saturation magnetization [54]. In addition, at
the cooling condition of Fe2O3, the TNtot value is in the range of TNtot = 85–150 K, when
there is a change in spins in the rhombohedral structure and a non-monotonic change
in the Fe-O bond [49,56], even though the Curie temperature (TNtot) of ε-Fe2O3 has a
value of TNtot ∼ 500 K [57–60]. Additionally, magnetic ε-Fe2O3 nanoparticles can also be
obtained by vibrating magnetometer, which shows TNtot > 500 K and a maximum value of
TNtot = 850 K. The simulation method has received great attention, because researchers can
study materials in extreme conditions, such as at high temperature (T), T = 700 K, pressure
(P), P = 360 GPa, and with atomic size below 2 nm, where the experimental methods cannot
be applied [61–63]. Meanwhile, the magnetic refrigeration technology industry attracts
great attention from researchers. Cooling technology is based on the magnetic effect of
materials, which was first discovered by E. Warburg in 1881 [64]. When the material is
placed in the magnetic field (B), under the action of the magnetic field, the spins rotate in
the direction of the magnetic field, leading to the total magnetic (Mtot) and total entropy
(Stot) change (increase or decrease), depending on the nature of magnetic materials. In
the field of refrigeration technology at room temperature T = 300 K, researchers often use
soft magnetic materials which operate at room temperatures, such as Gadolinium with
TNtot = 296 K. It is the first used material with very high cost, poor oxidation resistance,
and low magnetic value. For that, researchers try to find materials with high oxidation
resistance and low cost, which exhibit high magnetic properties that are essential for future
applications. Presently, materials such as transition metals or rare earth materials are still
considered materials with great potential for refrigeration applications at room temper-
ature [65–71]. When materials with high or low magnetism are considered, researchers
concentrate on the entropy change (ΔS). This quantity is determined through the Maxwell
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relationship and the isothermal magnetization curve. However, up to now, the use of the
Maxwell relationship to determine entropy change is still causing much controversy and
discussions about it [72–76]. Giguère et al. [72] successfully determined the entropy change
based on the Maxwell relationship. Balli et al. [75] and Liu et al. [76] also successfully
demonstrated that the Maxwell relationship no longer exists when the material is near
the phase transition (paramagnetic phase, ferromagnetic phase, antiferromagnetic). They
suggested that the cause of the appearance of the giant magnetic field at room temperature
is due to the morphological leading to changes in the magnetic transition temperature at
the T~110 K. In addition, there is an arrangement of the magnets. Different cations lead
to a structural change from tetrahedral to octahedral, driven by spin-oriented ions at the
magnetic particles, and a magnetic transition occurs at TNtot~150 K. T. Muto et al. [77]
studied the entropy, whereas P. Fratzl [78] and Dieter [79] determined the phase transition
diagram. In 2010, Jirı Tucek et al. [80] successfully determined the existence of the huge
magnetic field of nano ε-Fe2O3 at room temperature. Recently, M.R. Dudek et al. have
successfully determined the giant magnetic field of Fe3O4 nanomaterials at room temper-
ature [6], the magnetic domain in auxetic materials [7,8], and successfully constructed a
single-body Hamiltonian function [6,12,17]. Combining with the phase space average field
in [9] to study the magnetism of Fe3O4 nanoparticles [81], Dung et al. [82] determined the
magnetic properties of Fe nanomaterials by the Monte-Carlo simulation method with the
classical Heisenberg model. In addition, researchers also successfully studied the influence
of factors such as temperature, number atomic, pressure, annealing time on structure, elec-
tronic structure, phase transition, and crystallization progress of material metals [83–87],
alloys [88–92], oxide [61–63], and polymers [93,94]. Here, a question appears: how to
determine the magnetic characteristic quantities of materials such as magnetization in all
directions and entropy of the material when the size of the material is less than 10 nm. To
answer this question, in this article, we focus on a study of the influence of factors such
as material size (mxm), magnetic field (B), and nanoparticle size on magnetization in the
direction priority z-axis (MzE), z-axis magnetization (Mz), total composite magnetization
(Mtot), and total entropy of Fe2O3 nano synthetic thin films. For this purpose, we used
the Monte-Carlo simulation method. The obtained results will serve as a basis for future
experimental studies when we try to apply Fe2O3 nano synthetic thin films to smart devices
and refrigeration equipment.

2. Method of Calculation

Initially, the two-dimensional model for Fe2O3 nano synthetic thin film is constructed
by creating a 2D matrix square (mxm). These matrices are composed of nonmagnetic
squares and linked together by hinges defined as the intersection points between the
corners of the squares (red color in the figure), and these 2D square matrices may be
deformed [95]. Then, spherical Fe2O3 nanoparticles were put into the 2D matrix square.
For simplicity, we treat each nanoparticle as a magnetic spin. When the thin film model
is not deformed, the rotation angle of these 2D square matrices has the value α = 0◦
(Figure 1a). When the 2D square matrices rotate, the corresponding rotation angle varies
from α = 0◦ to α = 90◦ (Figure 1b).

In this model, the size of each 2D square is the diameter of the inserted Fe2O3 nanopar-
ticle, with D = 2R, where R is the radius of the nanoparticle. We studied the magnetic
properties of Fe2O3 nano synthetic thin films by applying a potential force field to the nano
synthetic thin film, with the value of the Hamilton function of the form (Equation (1)) [6],
and numerical simulation was performed by the Monte-Carlo method.

H(i)
mfa = −KaVcos2αi − BMcosαi − ∑

j
Kij

→
mi.
〈→

mj

〉
(1)

where Ka = 1
kBT · μ0

4πM3 , V = 4
3πa2

0, a0 = 8.394 Å, and Kij = μ0M2

4πd3 , d =
√

2asin
(
α+π

4
)
,

a = D + a0, D = 2Rg.
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Figure 1. The initial shape of materials has a square structure with a rotation angle α = 0◦ (a), rotation angle α �= 0◦ (b).

In it, Ka is the uniaxial magnetic anisotropy energy; the magnetic coefficient is
μ0 = 4π × 10−7 m/A; V is the volume of the nanoparticle; a0 is the lattice constant; Kij is
the interaction energy between the ith nanoparticle and the nearest jth nanoparticle; and
Boltzmann’s constant kB = 1.38 × 10−23 J/K = 8.617 × 10−5 eV/K, where B is the magnetic
field, M is magnetic moment, αi is the rotation angle of the ith 2D square matrix, mi and
mj are the magnetic moments of the ith and jth atom, and d, a, Rg, and D are the distance
between the centers of the two nearest nanoparticles, the size of the square edge, the
displacement radius, and the size of the Fe2O3 nanoparticle, respectively. Conversely, the
size of the model is determined by the following formula (Equation (2)):

L = (m − 1) × d (2)

Here, m is the number of rows (columns) of the matrix. The interaction between
the Fe2O3 nanoparticles was determined by the magnetic dipole interaction. Then, Fe2O3
nanoparticles are affected by magnetic moments in all directions.

In the spherical coordinate system: mx = sinαcosϕ, my = sinαsinϕ, mz = cosα;
0 < α < 180◦, 0 < ϕ < 360◦. The total magnetic moment (Mtot) is expressed by the fol-
lowing expression (Equation (3)) [6]:

Mtot =
√

M2
x+M2

y+M2
z= ±1, Mtot =

1
N

N

∑
i=1

Si, Si= ±1, (3)

where Si = +1 with spin up, and Si = −1 with spin down of Fe2O3 nanoparticles.
In the nano synthetic thin film with the size L, Vs = b(Ld)2 is the thin film body

and b, d, α, and ϕ are, respectively, the nanoparticle thickness, the distance between the
nanoparticles, the polarization angle (pointing the direction of the magnetic moment in the
x–y plane), and the azimuth (pointing the direction of the magnetic moment for the z-axis).

To study the magnetic properties of Fe2O3 nano synthesized thin films, various authors
have applied the Monte Carlo method in numerical simulations [96–98]. To increase the
accuracy of the results, we used periodic boundary conditions to eliminate surface effects.
The obtained results are also compared with the results of the density functional theory
method to increase the accuracy of the obtained results.

Ising’s 2D model is placed in the magnetic field B = 0.1 T while the influencing factors,
such as model size (mxm), rotation angle (α), and the external magnetic field (B), are
changed. To simulate numerically, we used the Metropolis algorithm in the framework of
the Monte-Carlo method and surveyed magnetic characteristic quantities in temperatures
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from T = 0 to 600 K, with a total number of MC simulation steps 5 × 104 corresponding to
84 MC steps for each temperature T = 1 K. It has been emphasized in [6] that the Monte-
Carlo Metropolis code becomes stable very quickly. It follows from Figure 3c of this paper
that, from the vicinity of room temperature to the larger temperatures, the results obtained
after 20 Monte Carlo steps (MCS) are practically the same as those after 200 MCS. Our
calculations show that, after 30 MCS, the change in obtained results is negligible, but for
certainty, 84 MCS have been performed.

The simulation method is based on a random generation of energy variation of the system.

Next, we rotated their magnetic moment from
→
m =

(
mx, my, mz

)
to

→
m

′
=
(

m′
x, m′

y, m′
z

)
and calculated the energy values Hm, Hm

’ with the corresponding probability distribution
(Equation (4)) [6]:

P(E) =
exp(−βΔE)

Z
, Z =

N

∑
i

exp(−βΔE)and ΔE = Hm − Hm
′, (4)

where P(E) is the probability value of finding spin min (1, exp(−βΔE)) in a state; β = 1/kBT;
T is the temperature, Z is the partition function, ΔE is energy variation of the system
generated randomly.

To analyze the model, we calculate the magnetic characteristic quantities of the con-
sidered system, such as the total entropy (Equation (5)) [6] of the Fe2O3 nano synthetic thin
film with the following expression:

Stot

NkB
=

1
NkB

∑
i

Si (5)

To determine the Néel phase transition temperature (TNtot) of Fe2O3 nano synthetic
thin films, the intersection between the magnetization curve with the entropy curve is fixed.
The entire numerical simulation was carried out based on the Python programming code
provided by Prof. M.R. Dudek [6]. This code was properly modified for our purpose and
was applied on the computational server system of the Institute of Physics, Department of
Physics and Astronomy, Zielona Gora University, Poland.

3. Results and Discussion

3.1. Magnetic Characteristic Quantities

We determine the magnetic characteristic quantities of Fe2O3 nano synthesized thin
films, such as the preferred magnetization in the z-axis (MzE), the magnetization in the
z-axis (Mz), the total magnetization (Mtot), total entropy (Stot), and Néel phase transition
temperature (TNtot).

The Néel phase transition temperature is the phase transition temperature of a material
from an antiferromagnetic state to a superparamagnetic state. To determine the characteris-
tic quantities, as has been emphasized above, we treat each spherical nanoparticle as a spin
(with D = 6 nm and the magnetic moment is determined by Equation (3)). The results are
shown in Figure 2.

The results show that when the Fe2O3 nano synthetic thin film is placed in the magnetic
field (B), B = 0.1 Tesla (T), and the spin of the nanoparticles is rotated by an angle α = 90◦, the
shape of the synthesized thin film nano Fe2O3 with mxm = 5 × 5, nano size (D), D = 6 nm
corresponding to the size L = 27 nm is given in Figure 2a. The relationship between the
magnetization oriented in the direction of the z-axis (MzE) is shown by the black line
in Figure 2b; magnetization in the z-axis (Mz) is shown by the green line in Figure 2c.
Synthetic magnetization of Fe2O3 materials is given by dark blue line in Figure 2d and
synthetic entropy (Stot) is drawn in red color when the temperature increases.
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Figure 2. Shape (a), the relationship between magnetic characteristic quantities with different temperatures of Fe2O3

nanocomposite thin film with mxm = 5 × 5 (L = 27 nm), nano size (D), D = 6 nm, magnetic field B = 0.1 T, and rotation
angle α = 90◦. The magnetization in the preferred z-axis (b), the magnetization in the z-axis (c), and the total magnetization
(d) with the total entropy.

Dudek et al. [6] successfully determined the Néel phase transition temperature of the
Fe3O4 nano synthetic thin film and showed that the cause of this phenomenon is due to
the magnetic effect of the spins. For this reason, we omit the determination of magnetic
characteristic quantities such as magnetization (M), specific heat (Cv), magnetic susceptibil-
ity (χ), and energy (E) of the thin film synthesized Fe2O3 nano and only focus our attention
on studying the relationship between the characteristics of the magnetization M (MzE, Mz,
Mtot) with the total entropy (Stot) when the temperature (T) increases (what it has been
demonstrated above in Figure 2). The total entropy is determined according to the formula
(5). At T = 10 K, MzE = 0.886, Mz = 0.941, Mtot = 0.941, Stot = −0.069, when T increases from
T = 10 K to T = 600 K with the temperature shift dT = 5 K, all values of magnetization M
(MzE, Mz, Mtot) decrease as MzE decreases from MzE = 0.886 to MzE = 0.156, Mz decreases
from Mz = 0.941 to Mz = 0.390, and Mtot decreases from Mtot = 0.941 to Mtot = 0.394, which
leads to an increase in Stot from Stot = −0.069 to Stot = 2.354. The displacement of the
spins corresponds to the probability of finding the existence of spins in a given state at a
certain temperature. The lines of the magnetization MzE, Mz, Mtot, and the total entropy
Stot intersect at a point, which is called the magnetic phase transition point or the Néel
phase transition temperature (TNtot). The intersection between MzE and Stot is TNzE = 60 K;
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between Mz and Stot is TNz = 68 K; and between Mtot and Stot is TNtot = 68 K. This is the
Néel phase transition temperature from the antiferromagnetic state to the superparamag-
netic state. This result is completely consistent with the magnetic effect results previously
obtained with Fe3O4 nano synthetic thin films at room temperature [6]. To confirm that,
we study the factors affecting the isotherm entropy and Néel temperature of Fe2O3 nano
synthesized thin films with D = 6 nm.

3.2. The Influence of Different Factors
3.2.1. Effect of the Synthetic Thin-Films
Effect of the Synthetic Thin Film Size

To study the effect (mxm) of Fe2O3 nano synthetic thin films, the size model increases
from mxm = 5 × 5 (L = 27 nm) to mxm = 10 × 10 (L = 62 nm), 15 × 15 (L = 96 nm), 20 × 20
(L = 130 nm), 30 × 30 (L = 198 nm), 40 × 40 (L = 267 nm) with D = 6 nm. The considered
system is placed in a magnetic field (B), B = 0.1 T with a rotation angle of α = 90◦. The
result obtained is shown in Figure 3.

  

  
Figure 3. Shape (a), synthetic magnetization (b), synthetic entropy (c), Néel phase transition temperature (d) of Fe2O3 nano
synthetic thin film in magnetic field B = 0.1 T with a rotation angle of α = 90◦ for different matrices.

The obtained results show that the Fe2O3 nano synthetic thin film of size L = 27 nm
has the shape given in Figure 3a. The total magnetization (Mtot) is shown by the blue
line in Figure 3b, and the total entropy (Stot) is shown by the red line in Figure 3c. When
temperature (T) increases from T = 10 K to T = 600 K, the magnetization (Mtot) decreases
from Mtot = 0.941 to Mtot = 0.394, Stot increases from Stot = −0.069 to Stot = 2.354, and

81



Coatings 2021, 11, 1209

Neel’s magnetic phase transition temperature (TNtot) increases slightly from TNtot = 68 K
to TNtot = 68, 68, 68, 71, 73 K (Figure 3d). The reason for these changes is that increasing
temperature T leads to a shift of the domain walls. When the thin film size increases from
L = 27 nm to L = 62, 96, 130, 198, 267 nm, the Mtot increases slightly from Mtot = 0.941 to
Mtot = 0.944, 0.947, 0.952, 0.972, 0.983, respectively, because the increase in the thin film
size of L leads to an increase in the density of spins. The obtained results are completely
consistent with the simulation results of amorphous Fe nanoparticles [82]. The cause of
this phenomenon is due to the size effect (when increasing the lattice size L leads to an
increase in TNtot) with a negligible increase in results (about 9%). We chose Fe2O3 nano
synthetic thin film with the nano size D = 6 nm, mxm = 20 × 20 corresponding to the size
L = 130 nm as standard to study other influencing factors. Further, we investigated the
influence of the spin angle of spin on the magnetic characteristic quantities.

Effect of the Spins Rotation Angle

Similarly, as in the case of analyzing the effect of synthetic thin film size, we consider
the influence of spin angle using Fe2O3 nano synthetic thin film with L = 130 nm (D = 6 nm),
B = 0.1 T, with an angle α that changes from α = 0◦ to α = 90◦. The obtained results are
shown in Figure 4.

  

Figure 4. Shape (a), Néel phase transition temperature (b) of Fe2O3 nano synthetic thin film in magnetic field B = 0.1 T,
L = 130 nm for different rotation angles.

The results show that when the Fe2O3 nano synthetic thin film of size L = 130 nm
is placed in a magnetic field (B) with B = 0.1 T and the rotation angle (α) increases from
α = 0◦ to α = 30◦, 45◦, 60◦, 90◦, the shape of the thin film is shown as in Figure 4a. The Mtot
increases slightly from Mtot = 0.939 to Mtot = 0.940, 0.940, 0.941, 0.941, because an increase
in the size L leads to an increase in the density of spins, whereas Stot increases slightly
from Stot = −0.249 to Stot = −0.133, −0.107, −0.088, −0.076. This leads to the decrease in
magnetic phase transition temperature (TNtot) from TNtot = 93 K to TNtot = 86, 75, 70, 68 K
(Figure 4b). The cause of the change in TNtot is the fact that an increase in the rotation
angle leads to an increase in spin spacing (d) and to a decrease in the magnetization Mtot.
The distance between the nanoparticle centers increases d > a, and in consequence, total
entropy Stot decreases. It follows from obtained results that when L = 27 nm increases to
L = 62, 96, 130, 198, 267 nm, the TNtot increases from 68 K to 75 K, and when the rotation
angle increases from α = 0◦ to α = 90◦, TNtot decreases from TNtot = 93 K to TNtot = 68 K
with L = 130 nm. The increase in size leads only to an insignificant change of TNtot, and
the rotation angle of the matrix will be a very convenient parameter for experimental
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studies with different types of materials used to manufacture thin films. Through the
research results on the influence of thin films on the magnetic properties of Fe2O3 nano
synthetic thin films, we conclude that the influence factor of the thin film is very small,
almost negligible. So, a question arises: what causes the increase or decrease in TNtot?
To study the influencing factors of Fe2O3 nanoparticles, we chose a thin film with a size
L = 130 nm with a rotation angle of α = 90◦. To answer this question, we continued the
study of the influence of nanoparticles and the impact factors of the external magnetic field
on experiments.

3.2.2. Effect of Fe2O3 Nanoparticles

To study the influence of Fe2O3 nanoparticles, we used again a matrix of size L = 130 nm,
D = 6 nm with a rotation angle of the matrix α = 90◦.

Effect of the External Magnetic Field

Let us consider the Fe2O3 nano synthetic thin film with nanoparticle size D = 6 nm,
L = 130 nm into the external magnetic field B with different intensities. The obtained results
are shown in Figure 5.

   

   

Figure 5. Shape (a), Néel phase transition temperature of Fe2O3 nano synthetic thin film with L = 130 nm, rotation angle
α = 90◦ for different magnetic fields B = 0.1 T (b), B = 0.3 T (c), B = 0.5 T (d), B = 0.7 T (e), and B = 0.9 T (f).

The results show that when Fe2O3 nano synthetic thin film with matrix size L = 130 nm,
nanoparticle size D = 6 nm is placed in a magnetic field (B) with B = 0.1 T, the shape of Fe2O3
thin film is as in Figure 5a. The Mtot composite magnetization decreases from Mtot = 0.941
to Mtot = 0.404, the Stot composite entropy increases from Stot = −0.076 to Stot = 2.353, and
the magnetic phase transition temperature is TNtot = 68 K (Figure 5b). When the external
magnetic field increases from B = 0.1 T to B = 0.3, 0.5, 0.7, 0.9 T, the point above of total
magnetization Mtot increases slightly from Mtot = 0.941 to Mtot = 0.943, the total entropy
always increases from Stot = −0.076 to Stot = −0.932, the lower point of Mtot increases
again from Mtot = 0.404 to Mtot = 0.754, 0.844, 0.881, 0.889, and Stot again decreases from
Stot = 2.353, 1.789, 1.479, 1.295, 1.165. This leads to a decrease in the magnitude of M, while
the magnitude of Stot increases. It implies that Stot tends to shift towards the negative axis,
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which leads to a corresponding increase in TNtot: TNtot = 68 K at B = 0.1 T (Figure 5b),
TNtot = 148 K at B = 0.3 T (Figure 5c), TNtot = 228 K at B = 0.5 T (Figure 5d), TNtot = 300 K
at B = 0.7 T (Figure 5e), TNtot = 376K at B = 0.9 T (Figure 5f). The cause of the change in
TNtot is that an increase in B leads to the stronger orientation of the spins in the preferred
direction of the magnetic field and they rotate very strongly with a large magnetic field. So,
there is another problem: how to increase TNtot with a small external magnetic field?

Effect of Nanoparticle Size

When nanoparticle size (D) increases, we obtain the results shown in Figure 6.

   

   

 

Figure 6. The Néel phase transition temperature (TNtot) of Fe2O3 nano synthetic thin film with mxm = 20 × 20, L = 130 nm,
B = 0.1 T, rotation angle α = 90◦ for different nanoparticle sizes: the shape (a), the results for the size D = 6 nm (b), D = 8 nm
(c), D = 10 nm (d), D = 12 nm (e), D = 14 nm (f) and TNtot depends on D (g).

The results show that when Fe2O3 nano synthetic thin film with nanoparticle size
D = 6 nm (L = 130 nm) is placed in a magnetic field (B), with B = 0.1 T, rotation angle
α = 90◦, the shape of the film is as in Figure 6a. The Mtot composite magnetization decreases
from Mtot = 0.941 to Mtot = 0.404, Stot composite entropy increases from Stot = −0.076 to
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Stot = 2.353. The TNtot magnetic phase transition temperature is TNtot = 68 K (Figure 6b).
When the size increases from D = 6 nm (L = 130 nm) to D = 8, 10, 12, 14 nm (L = 168, 206, 244,
282 nm), then upper point of total magnetization Mtot increases slightly from Mtot = 0.941
to Mtot = 0.983, the total entropy always increases from Stot = −0.076 to Stot = −0.083,
the lower point of Mtot increases again from Mtot = 0.404 to Mtot = 0.876, 0.929, 0.940,
0.935, and Stot again decreases from Stot = 2.353, 1.281, 0.705, 0.310, 0.003, which leads to
the decrease in magnitude of Mtot, whereas the magnitude of Stot increases. Stot tends to
shift towards the negative axis, leading to an increase in TNtot: TNtot = 68 K at D = 6 nm,
(L = 130 nm) (Figure 6b), TNtot = 164 K at D = 8 nm, (L = 168 nm) (Figure 6c), TNtot = 320 K
at D = 10 nm, (L = 206 nm) (Figure 6d), TNtot = 560 K at D = 12 nm, (L = 244 nm) (Figure 6e),
TNtot ≥ 600 K at D = 14 nm, (L = 282 nm) (Figure 6f). The Mtot curve and Stot curve intersect
at a point called the point of magnetic phase transition (TNtot). Thereby, it shows that
there is a relationship between D and TNtot: for D = 6 nm (L = 130 nm), TNtot = 68 K; for
D = 8 nm (L = 168 nm), TNtot = 164 K; for D = 10 nm (L = 206 nm), TNtot = 320 K; when
D = 12 nm (L = 244 nm), TNtot = 560 K; and for D = 14 nm (L = 282 nm), TNtot > 600 K.
This result is completely consistent with the results obtained in [99] for the magnetic phase
transition temperature (TNtot) of Fe3O4 nanoparticles (as D increases, the TNtot increases
and reaches a maximum value TNtot = 860 K). The cause of this phenomenon is due to
the size effect. The results show that, as D increases, L increases. TNtot increases nearly
in a linear manner with D according to the approximated formula TNtot = − 440.6 + 83D
(Figure 6g). Through this formula, researchers can adjust the nanoparticle size and subtract
the B field to be suitable for specific applications. For example, one can fabricate a nano
synthetic thin-film operating at TNtot = 300 K with the Earth’s magnetic field. For this
purpose, we study below the influence of magnetic field B, nanoparticle size D on TNtot
at room temperature T = 300 K. The results of the influence of B and D on the Néel phase
transition temperature (TNtot) show that, when increasing both B and D, we have a decrease
in Mtot and an increase in Stot. This leads to the conclusion that the magnetization of the
material always decreases, and the entropy of materials increases. This is very interesting
for future applications of magnetic nanomaterials.

Relationship between B and D at Room Temperature 300 K

Considering the above research results, we investigate the influence at room tempera-
ture. We investigate the influence of nanoparticle size at the values of B = 0.025, 0.045, and
0.065 T with dimensions D = 10, 12, and 14 nm (corresponding to L = 114, 174, and 234 nm).
The results are shown in Figure 7.

The results show that, when the Fe2O3 nano synthetic thin film is placed in the external
magnetic field B = 0.025 T with the rotation angle α = 90◦ for the increase in the size of the
nanoparticle D from D = 10 nm (L = 206 nm) to D = 12, 14 nm (L = 244, 282 nm), Mtot de-
creases from Mtot = 0.943 to Mtot = 0.740, and Stot increases from Stot = −0.597 to Stot = 1.803;
whereas for D = 10 nm (L = 206 nm), Mtot decreases from Mtot = 0.941 to Mtot = 0.871,
and Stot increases from Stot = −0.875 to Stot = 1.304; with D = 12 nm (L = 244 nm), Mtot
decreases from Mtot = 0.936 to Mtot = 0.909, and Stot increases from Stot = −0.908 to
Stot = 1.002. For D = 14 nm (L = 282 nm) we also have a decrease in the magnitude of
Mtot and an increase in Stot. Therefore, as B and D increase, the magnetic phase transition
temperature increases from TNtot = 185 K (Figure 7a1) to TNtot = 324 K (Figure 7a2), 515 K
(Figure 7a3). For B = 0.045 T, when D increases from D = 10 nm (L = 206 nm) to D = 12, 14 nm
(L = 244, 282 nm), the magnetic phase transition temperature increases from TNtot = 220 K
(Figure 7b1) to TNtot = 383 K (Figure 7b2), 596 K (Figure 7b3). With B = 0.065 T, when D in-
creases from D = 10 nm (L = 206 nm) to D = 12, 14 nm (L = 244, 282 nm), the magnetic phase
transition temperature increases from TNtot = 255 K (Figure 7c1) to TNtot = 445 K (Figure 7c2),
and TNtot > 600 K (Figure 7c3). The obtained results show that, at room temperature, be-
cause the magnetic field of the earth, B, is very small, one can increase the nanoparticle
size to nearly 12 nm, then TNtot = T = 300 K. In addition, between TNtot and D there is a
relationship that satisfies the equation TNtot = −440.6 + 83D. This is a very useful result. In
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practice, researchers can manufacture Fe2O3 thin films right at ambient conditions (at room
temperature). Achieving the size D = 12 nm (L = 244 nm), these thin films can be used not
only in magnetic devices.

   

Figure 7. Néel phase transition temperature (TNtot) of Fe2O3 nano synthetic thin film mxm = 20 × 20, in B = 0.1 T with
rotation angle α = 90◦, for D = 10 nm and different values of B, B = 0.025 T (a1), B = 0.045 T (b1), B = 0.065 T (c1); for
D = 12 nm and different values of B, B = 0.025 T (a2), B = 0.045 T (b2), B = 0.065 T (c2); for D = 14 nm and different B,
B = 0.025 T (a3), B = 0.045 T (b3), B = 0.065 T (c3).

4. Conclusions

In this study the following results were obtained:

• We successfully studied the influence of the matrix structure (mxm) of thin-film,
rotation angle (α), magnetic field (B), and size (D) of Fe2O3 nanoparticle on the
magnetic characteristic quantities such as the magnetization-oriented z-direction
(MzE), z-axis magnetization (Mz), total magnetization (Mtot), and total entropy (Stot)
of Fe2O3 nanocomposites by Monte-Carlo simulation method.

• We successfully determined the magnetic phase transition temperature Néel (TNtot).
The obtained results show that when the mxm increases from mxm = 5 × 5 (L = 27 nm)
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to mxm = 10 × 10, 15 × 15, 20 × 20, 30 × 30, 40 × 40 (L = 62, 96, 130, 198, 267 nm),
the TNtot increases slightly from TNtot = 68 K to TNtot = 73 K. When the matrix rotation
angle α increases from α = 0◦ to α = 90◦, the TNtot decreases slightly from TNtot = 93 K
to TNtot = 68 K. The increase in B (from B = 0.1 T to B = 0.9 T) determines an increase
in TNtot (from TNtot = 68 K to TNtot = 148, 228, 300, 376 K). The increase in D (from
D = 6 nm (L = 130 nm) to D = 8, 10, 12, 14 nm (L = 168, 206, 244, 282 nm)) determines
an increase in TNtot (from TNtot = 68 K to TNtot = 164, 320, 560, and higher 600 K). The
results show that when B and D increase, TNtot increases also.

• In addition, between TNtot and D, there is a linear relationship that satisfies the
equation TNtot = −440.6 + 83D. This is a very interesting result that can be used in
practical applications from cooling technology.
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Abstract: In this paper, we investigate the behavior of 2D ferromagnetic (FM) films on a ferroelectric
(FE) substrate with a periodic structure. The two-dimensional Frenkel–Kontorova (FK) potential
simulates the substrate effect on the film. The substrate potential corresponds to a cubic crystal
lattice. The Ising model and the Wolf cluster algorithm are used to describe the magnetic behavior of
a FM film. The effect of an electric field on a FE substrate leads to its deformation, which is uniform
and manifests itself in a period change of the substrate potential. Computer simulation shows
that substrate deformations lead to a decrease in the FM film Curie temperature. If the substrate
deformations exceed 5%, the film deformations become inhomogeneous. In addition, we derive the
dependence of film magnetization on the external electric field.

Keywords: ferromagnetic; magnetoelastic; phase transition; thin films; Frenkel–Kontorova potential

1. Introduction

A wide range of spintronic devices uses the magnetoelectric (ME) effect in two-layer
systems. The ME effect allows controlling magnetization with an external electric field.
That, in turn, allows managing the conductivity of the system due to the phenomenon
of giant magnetoresistance. A giant ME effect occurs in systems consisting of a thin FM
film deposited on a FE substrate. One of the ME effect appearance mechanisms in such
systems shows up due to the shift in the Curie point in the FM film under the substrate
influence. The deformation of the FE substrate occurs in an external electric field. The film
is also deformed due to the interaction of the atoms of the film and the substrate. Film
deformation due to magnetostrictive phenomena leads to a shift in the Curie temperature.
At a constant temperature, the electric field shifts the system position in the phase diagram
relative to the phase transition point, which leads to a change in magnetization.

Experiments show that a change in the magnetization of thin films under the substrate
influence occurs for various materials. Ultrathin platinum films on a BaTiO3 FE substrate [1]
significantly change the value of their magnetic moment upon substrate deformation on an
external electric field. The ME effect was observed in Ni films on the same substrate [2].
The use of diffraction and reflection of X-rays in thin Pt/Co/Ta films on various FE
substrates [3] in an external electric field allows observing the change in the magnetic
domains structure. A large magnitude of the ME effect was noted in thin FM films
CoFe2O3/Pb(Zr0.52Ti0.48)O3/LaNiO3 on a Pt/Ti/SiO2/Si substrate with the coexistence
of FE and FM phases [4]. A study of the change in the magnetic moment in a Ni80Co20
film on a Pb(Mg, Nb)O3-PbTiO3 substrate under the influence of an external electric
field is represented in [5]. This study revealed that the change in magnetization is a
consequence of substrate deformations. A large ME effect of 560 mVcm−1E−1 occurs in
the Pb(Zr0.52Ti0.48)O3/LaNiO3/Ni [6] heterostructure, where LaNiO3 serves as a buffer
layer. Ba0.9Ca0.1TiO3/CoFe2O4 thin films on Pt/Ti/SiO2/Si [7] substrates exhibit a fairly
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large ME effect (82 mVcm−1E−1). FM films La0.7Ca0.3MnO3 on a FE substrate BaTiO3
demonstrate a Curie temperature decrease both under tension and under compression [8].

Theoretical studies of the ME effect are focused mainly on specific substances. The
microscopic model for Al2O3 and MgO substrates [9] became a basis for the investigation
of the substrate impact on the magnetic properties of BaCoF4 films. The phase transition
temperature and the magnetization of the thin film increase for a compressible substrate,
whereas they decrease for a tensile substrate. To study magnetization fluctuations in two-
dimensional RMnO3 films (R = Tb, Lu, and Y) on a FE substrate, the modified Landau
model was used [10].

Thus, in this paper, we study the FM phase transition and ME effect in two-dimensional
films on a FE substrate from a common understanding of the crystal lattice symmetry and
the interaction of atoms without reference to a specific substance.

2. Materials and Methods

We explore a two-dimensional FM film and investigate its magnetic properties within
the Ising model. The undeformed film has a square lattice with a period of a. The atoms
located at the film sites are characterized by the value of the spin S, which can take one of
two values (+1/2 or −1/2). The Hamiltonian of such a system is as follows:

H = −∑ J(ri,j)SiSj, (1)

where rij is the distance between atoms i and j. J(rij) is the exchange integral. Generally,
the exchange interaction between spins decreases exponentially; thus, one can take into
account the summation over the nearest neighbors only. When the film is deformed, the
distance between the nearest neighbors changes. Therefore, it is necessary to consider the
dependence of the exchange integral on the distance as follows:

J(rij) = J0e(−|rij−a|/r0), (2)

where J0 is the exchange integral in an undeformed FM film. Parameter r0 determines
the rate of the exchange integral decrease with distance and depends on the specific type
of substance. This approximation leads to the fact that the effects of long-range action,
which are present in some systems, are not taken into account. Long-range effects require
considering the interaction not only with the nearest neighbors, but also with the second-
nearest ones, and it can lead to a change in the critical temperature. For short-range systems,
the exponential law is not universal as well; exchange interactions can be more complex,
but this approximation is basic in spin models. Other forms of exchange integrals can be
described using additive corrections to the exponential law; still, this is hard to be covered
in a single article.

The influence of substrate manifests itself through the interaction between film atoms
and substrate surface atoms. The substrate surface atoms affect geometric position of
the film atoms, and this influence depends on their arrangement. In our simulations, we
model the substrate as a two-dimensional potential with periodically located potential
wells. We restrict ourselves to the case of a substrate with a square lattice. We use the
two-dimensional FK potential to describe the film interaction with the surface of such a
substrate [11].

Usub =
A
2

(
2 − cos

(
2πx
bx

)
− cos

(
2πy
by

))
, (3)

where (x, y) are coordinates of a point on the substrate surface, bx and by are the periods
of substrate potential along the OX and OY axis correspondingly, and A is the amplitude
of substrate potential. For an undeformed substrate, we assume the square crystal lattice
and equal periods along both axes (bx = by = b). External electric field leads to the
deformation of the substrate crystal along the direction of the strength vector. We assume
that deformation depends linearly on the electric field strength E at low values of the
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tension. Within the computer simulation, we apply an external electric field along the OX
axis. Thus, the lattice period changes along the OX axis.

bx = εb, (4)

1 − ε = γE, (5)

where ε is the relative deformation and γ is the ferroelectric constant characteristic of
the substance.

In addition to interaction with the substrate, mechanical interaction between atoms oc-
curs in a thin film. As in the FK model, we restrict ourselves to the harmonic approximation.
The energy of interaction between atoms has the following form:

Uint =
g
2 ∑

n,m

(
(xn+1,m − xn,m − a)2 + (yn,m+1 − yn,m − a)2

)
, (6)

where g is an elastic constant, and (xn,m, yn,m) are the coordinates of the (n, m) atom.
It is necessary to minimize the total energy of the atomic system to determine the

equilibrium position of the film atoms.

U = Uint + Usub → min, (7)

U =
A
2

(
2 − cos

(
2πxn,m

bx

)
− cos

(
2πyn,m

by

))
+

g
2 ∑

n,m

(
(xn+1,m − xn,m − a)2 + (yn,m+1 − yn,m − a)2

)
. (8)

To search for the equilibrium state of atoms in the film, we use the Monte Carlo
method. An unperturbed film with atoms at the sites of a square lattice with a period a is
considered the initial state. The method of successive iterations determines the equilibrium
state. One iteration consists of each lattice atom performing a test shift by a random vector,
the length of which does not exceed 0.1a. If the new position reduces the total energy of
the system, then it is taken. Otherwise, the atom returns to its previous position. In the
equilibrium state, the iteration does not change the atomic arrangement.

The arrangement of film atoms on the substrate is determined by the competition
between the interaction of film atoms with each other and with the substrate. For an
undeformed system, atoms are located at the minima of the substrate potential. The
minima are displaced relative to the initial position with a uniform substrate deformation.
As a result, for some atoms, the interatomic interaction dominates over the interaction
with the substrate, while for others, the substrate plays a more significant role. This leads
to different displacements of atoms from the initial state, which manifests itself in the
form of inhomogeneous deformations. Inhomogeneous magnetic film deformations with
uniform FE substrate deformations along one axis were experimentally observed using
X-ray diffraction in [12].

Having determined the atomic positions in the film equilibrium state, we pass to its
magnetic properties. We determine magnetization m as the average spin per node.

m = ∑
i

Si/N, (9)

where N is the total number of atoms in the film.
We use the finite-size scaling theory [13] to determine the temperature of phase

transitions. System evolution proceeds according to the Wolf cluster algorithm [14]. We
investigate systems of different linear dimensions L. For each of those, the dependence of
the fourth-order Binder cumulants on temperature [15] is determined:

U4 = 1 − 〈m4〉
3〈m2〉2 . (10)
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Angle brackets denote averaging over thermodynamic states. We find the Curie
temperature as the intersection of the graphs of the Binder cumulants versus temperature
for systems with different linear dimensions.

3. Results

3.1. Computer Simulation

We review the systems with linear dimensions from L = 18 to 204 with the help of
computer simulation. To satisfy the periodic boundary condition (if b �= a), we must choose
different sets of L for each b in such a way that the integer number of the L film atoms
has an integer number of potential minima Np, i.e., La = Npb, where L and Np integer.
The central atom is fixed, and the boundary condition is periodical. The search for the
equilibrium state of the film’s atoms took 100,000 Monte Carlo steps; the first 100,000 MC
steps of the magnetic system evolution are discarded, and the magnetic properties are
calculated in the next 50,000 MC steps.

For convenience, we pass to the relative values. We choose the film lattice period
as a unit of length a = 1. We consider systems with undeformed film in the initial state.
This state is realized when the periods of the film and substrate coincide (b = a). In this
case, the atoms of the film are located at the minima of the substrate potential. An external
electric field operates along the OX axis; therefore, substrate deformations also occurred
along the OX axis (bx = ε, b = ε). The period of substrate potential along the OY axis is
unchanged (by = b = 1). We choose the unit value for the FE constant (|γ| = 1). Different
values of the FE constant will lead to changes in the electric field strength, while the main
dependencies will not change. We perform calculations in the range of E from 0 to 0.1.
The compression or substrate stretching depends on the sign of γ. Values γ > 0 provide
substrate compression and E = 1 − ε, γ < 0 lead to substrate stretching and E = ε − 1.
For the elastic constant, a unit value (g = 1) is also chosen. The units for the amplitude
of the substrate potential are the same as that for the elastic constant. We perform the
calculations for A = 0.1, 0.5 and 1.0. Figure 1 shows the dependence of Curie temperature
on the external electric field strength.

Figure 1. Dependence of the Curie temperature on the strength of the external electric field at
different amplitudes of the substrate potential.

It can be seen that substrate deformations under the external electric field lead to
a Curie temperature decrease. These results on the Curie temperature behavior are in
qualitative agreement with the experimental data [8]. The authors observed a decrease in
the phase transition temperature of the epitaxial film La0.7Ca0.3MnO3 upon compression
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of the ferroelectric substrate BaTiO3 by 1% from 240 K to 160 K. When the substrate
was stretched by 6%, the Curie temperature decreased to 195 K. The decrease in the
phase transition temperature is associated with rearrangement of the film crystal lattice.
Deformations occur unevenly in both cases of compression and tension (Figure 2).

(a) (b)

Figure 2. Atomic arrangement of a FM film during tension (a) and compression (b) of the substrate (A = 1.0) (undeforming
atomic arrangement falls on the intersection of vertical and horizontal grid lines).

As shown in Figure 2, compression and tension along the OX axis lead to the formation
of periodic strip structures in the FM film. In both cases, there is competition between two
factors. Upon compression within each stripe, the atomic density increases, which leads
to an increase in the Curie temperature. However, the formation of regions of reduced
concentration between the stripes leads to a decrease in the phase transition temperature.
Stretching inside each stripe decreases the concentration of atoms, leading to a Curie
temperature decrease. However, layering of the neighboring stripes leads to an increase
in the atoms concentration in the overlap region and an increase in the phase transition
temperature. In both cases, the factors lowering the Curie temperature dominate, but the
decrease in magnitude is different.

The ME effect consists of a change in the magnetization of the film when the system
is in an external electric field. The ME effect is observed in a thin film in the FM phase.
Therefore, we consider the system at temperatures below the Curie point. Figure 3 shows
the dependence of the thin film magnetization on the strength of the external electric field
at three different temperatures.

The magnetization of an FM film decreases in an external electric field, due to the
Curie temperature changes. An external electric field brings the system closer to the phase
transition point at a fixed temperature, which leads to a decrease in magnetization.
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Figure 3. Dependence of the magnetization of a thin film on the strength of the external electric field
at three different temperatures for A = 1.0.

3.2. Mean-Field Theory

Let us pass to the model of the system under consideration within the mean-field
theory. The free energy of the system can be recorded as follows:

F = FM + FDF + FMD + FDS + FSF + FFE. (11)

Here, FM is the free energy of magnetization of a thin FE film, FDF is the deformation
energy of a thin film, FMD is the energy of magnetostriction, FDS is the energy of deforma-
tion of a FE substrate, FSF is the energy of the film–substrate interaction, and FFE is the
energy of interaction of a FE substrate with an external electric field.

Near the second-order phase transition, the magnetization energy term for an FM film
can be written as a series in powers of magnetization [16].

FM = AM2 + BM4. (12)

where B is a positive constant.
A = α(T − T0). (13)

where α is a positive constant, T is the system temperature, and T0 is the intrinsic Curie
temperature of the FM film in the absence of external influence.

The free energy with uniform film deformations are as follows:

FDF = Cx2. (14)

where x is the change in the linear dimensions of the film, C is the modulus of elasticity of
the film.

We can record the energy of elastic deformations of the substrate similarly as follows:

FDS = Gy2. (15)

where y is the change in the linear dimensions of the substrate, and G is the elastic modulus
of the substrate.

The energy of magnetostriction in most substances is quadratic:

FMD = DM2x. (16)

where D is the positive constant of magnetostriction.
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The interaction energy of a FE substrate with an external electric field E is linear:

FFE = HyE. (17)

where H is a positive constant.
At small deformations of the substrate, we can take into account only the linear

interaction between the deformations of the substrate and film.

FSF = Rxy. (18)

where R is a positive constant.
The free energy of a thin FM film on a FE substrate will have the following form:

F = AM2 + BM4 + Cx2 + DM2x + Gy2 + Rxy + HyE. (19)

The condition of the system equilibrium in an external electric field can be expressed
as follows: ⎧⎪⎨

⎪⎩
∂F
∂M = 0,
∂F
∂x = 0,
∂F
∂y = 0.

(20)

Hence, we obtain a system of equations for the equilibrium values of deformations
(x, y) and magnetization.

⎧⎪⎨
⎪⎩

2Gy + HE + Rx = 0,
2Cx + DM2 + Ry = 0,
2AM + 4BM3 + 2DMx = 0.

(21)

Assuming the system is in the FM phase (M �= 0) and solving this system of equations,
we obtain the magnetization dependence of a thin film on the electric field strength applied
to the substrate.

M2 =
A + DRHE

D2 + 2BR2 − 8BCG
. (22)

The general view of magnetization dependence on the electric field strength has the
following form:

M2 = α + βE. (23)

Moreover, α = α0(T − T0).
To compare this conclusion with the results of a computer simulation, we plot the

dependence of M2 on E at different temperatures (Figure 4).
The behavior of M2(E) curves is close to linear at low electric fields. At E > 0.06, the

dependence ceases to be linear, and the mean-field theory is not applicable. An increase in
temperature leads to a parallel displacement of the curves along the OY. The behavior of
obtained curves is in qualitative agreement with the conclusions obtained with our model
based on the mean-field theory.
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Figure 4. M2 versus E at different temperatures (A = 1.0).

To consider the change in the phase transition temperature in a thin film under the
influence of substrate deformations in an external electric field, let us denote the new
temperature of the phase transition TC. The magnetization is zero as an order parameter of
the system at the phase transition point. Thus, we can write down the following equation:

α(TC − T0) + DRHE = 0. (24)

The temperature of the phase transition can be recorded as follows:

TC = T0 − DRH
α

E. (25)

Thus, an external electric field leads to a Curie temperature decrease in a thin film on
a FE substrate. Moreover, the temperature decrease depends linearly on the strength of the
electric field. Comparing these results with Figure 1, one can conclude that the mean-field
theory is applicable only in weak fields.

4. Discussion

We modeled a computer simulation of the FE substrate influence on the condition and
magnetic properties of 2D FM nanofilms. Our results show that the uniform deformations
of the substrate lead to inhomogeneous deformations of the film. The interaction between
the substrate and film atoms causes film deformations. When the substrate is compressed,
it forms strip structures in the film. High-density stripes separate stripes with a low
concentration of atoms. Substrate stretching leads to the formation of superstructures with
an increased concentration of atoms. Heating or an external electric field can cause substrate
deformations. In this case, a substrate-induced structural phase transition takes place.

A change in the film structure leads to changes in its magnetic properties. The Curie
temperature is shifting, due to the substrate deformations. It decreases with both substrate
compression and stretching. The phase transition temperature changing is caused by the
dependence of the exchange integral on the distance between the spins. A decrease in the
Curie temperature at any deformation of the substrate is explained by inhomogeneous
changes in the atoms arrangement in the film. In both tension and compression, there is a
competition of two factors. Areas of increased atomic concentration tend to increase the
Curie temperature, while areas of decreased atomic concentration lower it. These trends are
associated with the linear dependence of the phase transition temperature on the exchange
integral. The regions with low atom concentration are dominant, due to the exponential
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decay of exchange integral with distance. Long-range effects can significantly change the
dependence of Curie temperature on substrate deformations.

The trends in the magnetic characteristics behavior obtained in the simulation agree
with the experimental data.
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Abstract: TixZr1−xN hard films with Zr/(Zr+Ti) molar ratios from 20% to 80% were prepared by
multi-arc ion plating using any two of elemental Ti, elemental Zr, and TiZr alloy targets. The as-
deposited TixZr1−xN films displayed similar surface and fracture cross-section morphologies and
thicknesses. The effects of Zr/(Zr+Ti) molar ratio on the phase composition, preferred growth
orientation, and hardness of the films were discussed. The results showed that the as-deposited films
had a face-centered cubic structure and exhibited the typical characteristics of substitutional solid
solutions. The lattice constant of the films increased monotonically with increasing Zr/(Zr+Ti) molar
ratio. Two preferred growth orientations, corresponding to the two hardness peak values, occurred
symmetrically at Zr/Ti molar ratios of 40:60 and 60:40. An inflection point with a small reduction in
hardness was observed at the Zr/Ti molar ratio of 50:50.

Keywords: TixZr1−xN hard film; Zr/(Zr+Ti) molar ratio; phase structure; preferred growth orienta-
tion; hardness

1. Introduction

Hard reactive films of transition element nitrides have been investigated for a long
time, and thus significant progress has been made. Several hard multi-component nitride
films have been developed. TixZr1−xN hard films have attracted attention in recent years
because of their high hardness, good red hardness, and simple preparation process. In
general, TixZr1−xN exhibits higher hardness than TiN and ZrN [1,2]. Zr and Ti atoms can
replace each other in the TiN and ZrN lattices to form a TiZrN substitutional solid solution
with a face-centered cubic (FCC) structure [3,4]. TixZr1−xN films typically display preferred
growth along specific crystal plane orientations [1,2,5]. Nevertheless, different preparation
methods and deposition parameters lead to inconsistent results in the preferred growth
orientations and the peak values of the hardness of TixZr1−xN films. For example, the
preferred growth of the (111) plane was found in each of the TiN, ZrN, and TixZr1−xN films
by cathodic arc ion plating [1,6]. Similarly, the preferred growth of the (111) plane was
obtained in the TixZr1−xN films by reactive sputtering [7,8]. However, the preferred growth
orientations in the TixZr1−xN films were found to change from the (111) plane (ZrN) to the
(200) plane (TiN) as x increased from 0 to 1 when deposited by reactive sputtering [9]. In
contrast, the TixZr1−xN films deposited by the cathodic arc method were reported to have
the opposite trend, where the preferred growth orientations transitioned from the (111)
plane (TiN) to the (200) plane (ZrN) as x increased from 0 to 1 [10]. In addition, the effect
of bias on preferred growth orientation in TixZr1−xN films was reported [11]. A bias that
is too low or too high can affect the preferred growth orientation of the films. Similar to
the trends for the preferred growth orientation of the TixZr1−xN films, the film hardness
was found to depend on the composition and the deposition process [1,8,10]. Accordingly,
there is no consistent understanding of how the chemical content affects the preferred
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growth orientation and hardness of TixZr1−xN films owing to the diversity and complexity
of deposition processes.

The present work aims to understand the effects of the Zr/Ti molar ratio on the
phase structure and hardness of TixZr1−xN films. In particular, the investigation focuses on
maintaining constant deposition conditions, microstructure, and thickness of the TixZr1−xN
films to achieve consistent results.

2. Materials and Methods

TixZr1−xN films were prepared using a cathodic arc ion plating system (Shenyang
Vacuum Technology Research Institute, Shenyang, China) via co-deposition of two cathode
targets. Any two of the elemental Ti, elemental Zr, and TiZr (50:50 at.%) alloy targets
were co-deposited to vary the Zr/Ti molar ratio in the films. The two cathode targets
were set at an angle of 90◦ relative to the central axis of the coating chamber. The dimen-
sions of the high-speed-steel (W18Cr4V, HRC63-64) substrates used in the deposition were
18 mm × 12 mm × 1.8 mm. After fine polishing, the samples were cleaned by ultrasoni-
cation, blow dried, then hung near the central rotating axis of the coating chamber. Each
sample was placed symmetrically and equidistantly from the two target surfaces to ensure
uniform composition in the films.

The deposition of TixZr1−xN films includes arc bombardment cleaning, alloy transition
layer deposition, and TixZr1−xN deposition. Arc bombardment cleaning was carried out
by maintaining the two cathode arc currents at 55 A, applying a bias voltage of 350 V, and
using an Ar gas flow of 12 sccm for 8 min, when the vacuum reached 8 × 10−3 Pa and
the coating chamber temperature reached 220 ◦C. The deposition of the alloy transition
layer was carried out by keeping the two cathode arc currents at 55 A and applying a bias
voltage of 180 V while maintaining the Ar gas flow at 12 sccm for 5 min. Finally, TixZr1−xN
deposition was carried out by choosing two targets and varying the cathode arc currents,
as shown in Table 1, while maintaining a bias voltage of 120 V and N2 gas flow of 120 sccm
for 45 min. The deposition parameters were determined such that a constant temperature
of the chamber and a consistent nitrogen content could be maintained during deposition of
the TixZr1−xN films.

Table 1. Cathodic arc current combination during the deposition of TixZr1−xN films (total current = 110 A).

Sample No.
Cathodic Arc Current (A)

Ti Target Zr Target
Ti-Zr

Alloy Target

1 62 – 48
2 55 – 55
3 48 – 62
4 62 48 –
5 54 56 –
6 48 62 –
7 – 48 62
8 – 62 48

The surface and cross-sectional morphology of the as-deposited TixZr1−xN films
were observed using field emission scanning electron microscopy (FE-SEM, S-4800, Hi-
tachi, Japan) equipped with energy-dispersive X-ray spectroscopy (EDS). The surface and
cross-sectional compositions were determined using EDS mapping and line scanning,
respectively. Phase structure analysis of the as-deposited films was performed using a
Rigaku D/max-rA X-ray diffractometer (Dandong Aolong Radiative Instrument Group
Co.Ltd, Dandong, China) with CuKα radiation (40 kV and 40 mA). The scanning angle (2θ)
ranged from 10 to 80◦ at 2◦/min. The hardness of the as-deposited films was determined
using the Vickers micro-indentation test at a load of 0.1 N for 20 s.

102



Coatings 2021, 11, 1342

3. Results and Discussion

3.1. Surface Morphology and Surface Composition

SEM was adopted to observe the surface morphology of TixZr1−xN hard films. As
shown in Figure 1, some “large particles” are randomly distributed on the film layer
surface for each of the TixZr1−xN film samples. These particles are generally less than
6 μm in size, and are formed from the micro-droplets sprayed from the cathode target
surface during the deposition of the TixZr1−xN films [6,12,13]. Some scattered micro-pits
are also observed on the surface of the TixZr1−xN hard films, which are caused by the
shedding of the “large particles”, as shown in the figure. Similar surface morphologies
were observed in all the films, suggesting that the choice of targets had no significant effect
on the surface morphology of the films. This finding could be attributed to the constant
deposition conditions.

 

 

 

Figure 1. Surface morphologies of the deposited TixZr1−xN films. The numbers (1)–(8) correspond
to sample numbers 1–8, respectively.
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The surface compositions of the as-deposited TixZr1−xN films under the deposition
conditions in Table 1 were characterized using SEM and EDS, and the results are shown
in Figure 2. The vertical axis presents the content of each component of the as-deposited
film samples. The horizontal axis data is the ratio of metal components, which, from left to
right, corresponds to samples 1–8. The nitrogen content in almost all the films was larger
than 50 at.% and within 56 at.%–59 at.%, except for sample No. 1. The microstructure and
hardness of metal nitride films are affected by the nitrogen to metal component molar ratio
in the films [14–17]. In addition, both the phase structure and hardness are very sensitive
to the nitrogen content in the films. To ensure the same nitrogen content (at.%) in the films,
a relatively high N2 flow of 120 sccm was selected to supply sufficient N atoms needed
to form metal nitride films during the deposition process, despite different arc current
combinations forming different targets. As a result, the nitrogen content in the TixZr1−xN
hard films was high and basically constant. At the same time, a monotonous change in the
Zr/Ti atom ratio was achieved by the control of different cathode target currents.

Figure 2. Chemical composition of the surface of the films.

3.2. Cross-Sectional Morphology and Elemental Distribution

The cross-sectional SEM photographs of the as-deposited TixZr1−xN films are shown
in Figure 3. The thickness of the films was similar (1 ± 0.1 μm), and all the films exhibited
a dense columnar crystal morphology. The consistent thickness and morphology of the
films could be attributed to controlled deposition conditions, such as the co-deposition of
cathode targets, the small difference between the two arc currents, the sum of the two arc
currents kept constant at 110 A, and the constant deposition time of 45 min.

EDS line scanning was employed to observe the elemental distribution in the growth
direction of the films, as shown in each inserted figure in Figure 3. The change of relative
energy spectrum intensity of Zr and Ti reflects the change of Zr/Ti molar ratio of each film
sample, as shown in Figure 3(1)–(8). A gradual increasing trend in the Zr/Ti molar ratio
is displayed from sample 1 to sample 8. This is consistent with the surface composition
analysis results, as shown in Figure 2. Due to using pure Ar to deposit the alloy transition
layer at the initial deposition stage, the energy spectrum intensity of N is zero near the
interface between film and substrate and monotonously increases along the film growth
direction in each film. The remaining Ar in the coating chamber after the deposition of the
transition layer may influence the inflow of N2 gas. This approximate gradient distribution
of nitrogen element could be advantageous in film adhesion [18,19].
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Figure 3. Cross-sectional morphology and elemental distribution in the growth direction of the films.
The numbers (1)–(8) correspond to sample numbers 1–8, respectively.

The above discussion shows that the surface morphology, cross-sectional morphology,
film thickness, and nitrogen content of the TixZr1−xN hard film samples are consistent with
each other, but the relative contents of metal elements (Zr/Ti molar ratio) are different.
Therefore, it may be reasonably asserted that in the present study, the relative contents of
metal elements (i.e., the Zr/Ti molar ratio) is the only, or the most important, factor influ-
encing the change in the phase composition and mechanical properties of the TixZr1−xN
hard films.
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3.3. Phase Structure and Preferred Growth Orientation

The XRD patterns of the films are shown in Figure 4. All the films were composed
of a nitride phase with an FCC cubic structure and a few metal particles (phase). The 2θ
angles of the peaks attributed to the nitride phase are larger than those of the ZrN phase
and smaller than those of TiN phase. No ZrN or TiN phase existed in the TixZr1−xN films.
Moreover, the diffraction peaks of the films shifted to small angles with an increase in the
Zr/Ti molar ratio. Concurrently, the lattice constants of the films increased monotonically.
The results suggest that the films were substitutional solid solutions of ZrN and TiN.

 
Figure 4. XRD patterns of the films.

Notably, the films exhibited certain textures. The preferred growth orientations of
the films varied with an increase in the Zr/Ti molar ratio. When the Zr/Ti molar ratio in
TixZr1−xN hard films was lesser than 40:60 or greater than 60:40, the films tended to grow
in a preferred orientation on the (111) crystal plane, as shown in Figure 4 (1#, 2#, 3# and
7#, 8#). When the Zr/Ti molar ratio was approximately 40:60 or 60:40, preferred growth
orientations in both the (111) and (220) crystal planes were observed, as shown in Figure 4
(4# and 6#). However, when the Zr/Ti molar ratio approached 50:50, the preferred growth
orientation returned to the (111) crystal plane. Considering that the properties of the films
were similar, we conclude that the Zr/Ti molar ratio is the only, or the most important,
factor that influences the preferred growth orientation in the films.

The occurrence of texture in ternary nitride films, such as TiAlN, TiCrN, and AlCrN
films, is a common phenomenon. The preferential growth orientations in films of FCC
solid solutions vary with the deposition conditions or proportions of metal constituents, or
both. Sometimes, the transformation of the preferential growth orientations is accompanied
by the occurrence of a second nitride phase; for example, the hexagonal AlN phase in
the TiAlN and AlCrN films [20–25]. For TixZr1−xN films, many studies show that the
films deposited by ion plating tend to grow in the (111) crystal plane in a wide range
of compositions. Examples of such films are the ones with a Zr/Ti molar ratio of 50:50
deposited by cathodic arc ion plating at bias voltages of 120–210 V at 450 ◦C [3], a molar
ratio of 65:35 prepared at 40 V and 400 ◦C [2], a molar ratio of 66.5:33.5 prepared at 250 V [6],
molar ratios from 24:76 to 40:60 prepared at 120 V and at 450–500 ◦C [4], and molar ratios
of 80:20, 70:30, and 40:60 prepared by SCAE technology at 100 V [1]. These results show
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that TixZr1−xN films prefer to grow in (111) crystal planes because of low substrate bias
voltage and low deposition temperature.

However, some inconsistent results regarding the preferred growth orientation of
TixZr1−xN films have been reported [9,10]. In one study [10], a series of TixZr1−xN films
with Zr/Ti molar ratios of 20:80, 40:60, 50:50, 60:40, and 80:20 was prepared by multi-arc ion
plating at a very low bias voltage of 20 V and a high temperature of 600 ◦C. The research
indicates that the preferred growth orientation of the films changed with composition.
When the Zr/Zr+Ti molar ratio was very low (<20%), the films displayed the preferred
growth orientation in the (111) crystal plane, similar to the TiN film. When the Zr/Zr+Ti
molar ratio was between 20% and 40%, the preferred growth orientations were in both
the (111) and (200) planes. When the Zr/Zr+Ti molar ratio was further increased, the
film’s preferred growth orientation was on the (200) plane, similar to the ZrN film. These
results indicate that under certain deposition conditions, if the metal constituents of the
nitride films have different preferred growth orientations, the preferred growth orientation
of the alloy nitride films will change from one preferred growth orientation to the other
and experience “double preferred growth orientations” within a certain interval Zr/Ti
molar ratio [10]. Another study [9] on TixZr1−xN films deposited by reactive sputtering
technology showed that a TiN film had a preferred growth orientation in the (200) crystal
plane, while ZrN had a preferred growth orientation in the (111) plane. When the Zr/Zr+Ti
molar ratio in the films was between 34% and 45%, the preferred growth orientation
was in the (111) and (200) planes. In the other Zr/Zr+Ti molar ratios (between 20% and
34% or between 45% and 67%), the films showed a preferred growth orientation in the
(200) plane. Thus, it can be concluded that different deposition techniques and processes
significantly influence the preferred growth orientation in TixZr1−xN films. Furthermore,
even if the same preparation technique is used, it is challenging to achieve the same
deposition temperature and the same thickness and microstructure of the films because of
the interaction between the deposition process parameters. For example, both the cathode
arc current and the bias voltage influence the deposition temperature. Thus, maintaining
the same deposition conditions and the same thickness and microstructure of the films
are necessary to investigate the effect of the Zr/Ti molar ratio on the preferred growth
orientations and the properties of the TixZr1−xN films.

In general, both ZrN and TiN films prepared by cathode arc ion plating have preferred
growth orientation in the (111) crystal planes at conventional bias and deposition tempera-
tures [1,6,26–28]. When the Zr/Ti atom ratio is relatively small or large, the fewer atoms of
the substituting metal element do not influence the lattice parameters of the nitride. When
the Zr/Ti or Ti/Zr molar ratio approaches 1:1, more defects and a larger lattice distortion
are produced due to the difference in atomic radius and electronegativity of the two metals.
The preferred growth orientation in the (111) crystal plane observed in ZrN and TiN films
is difficult to maintain. A higher index of the crystal plane is selected during growth, and
then preferential growth orientations in two crystal planes occur. When the Zr/Ti or Ti/Zr
molar ratio is approximately 1:1, the preferred growth orientation of the TixZr1−xN hard
film returns to the (111) crystal plane because of short-range ordering in the ZrN and TiN
solid solution.

Using Vegard’s law, the idealized lattice constant of substitutional solid solutions can
be calculated without considering the effect of lattice distortion [29]. The difference between
the film’s lattice constant measured via XRD and that calculated using Vegard’s law can
reflect the intensity and density of lattice distortion and lattice defects, respectively. The
largest difference in lattice constant occurred when the Zr/Ti molar ratio was approximately
40:60 or 60:40 within the studied composition range, as shown in Figure 5. This result is
consistent with the appearance of preferential growth orientations in two crystal planes.
When the Zr/Ti molar ratio was approximately 50:50, the difference in the lattice constants
decreased slightly. This means that the lattice distortion is less severe, and the strengthening
due to the distortion with a Zr/Ti molar ratio of 50:50 may be expected to decrease slightly
compared with that of Zr/Ti molar ratios of 40:60 or 60:40.
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Figure 5. Lattice constant of the films obtained from the experiments and calculations using Vegard’s law.

3.4. Hardness

The hardness variation in the films with increasing Zr/Ti molar ratio is shown in
Figure 6. When the Zr/Ti or Ti/Zr molar ratio was much lesser than 50:50, the hardness
of the films was low and tended to be close to the hardness value of ZrN or TiN. When
the Zr/Ti or Ti/Zr molar ratio gradually approached 50:50 and was between 21:79 and
70:30, the hardness of the hard films was relatively high, up to approximately 30 GPa. The
maximum values of hardness, 32 and 31 GPa, correspond to the Zr/Ti molar ratios of 40:60
and 60:40, respectively. Notably, when the Zr/Ti molar ratio was approximately 50:50, the
hardness of the films decreased slightly, and an inflection point in the hardness value curve
was observed. These results can be attributed to the phase structure of the films. The two
maximum hardness values correspond to the compositions with Zr/Ti molar ratios of 40:60
and 60:40. These compositions also correspond to the preferred growth orientations in two
crystal planes and the difference in the lattice constant obtained from the measurements
and Vegard’s law.

 
Figure 6. Hardness of the films.

The relationship between the composition and hardness of TixZr1−xN films has been
discussed in other related studies. The hardness of films increases monotonically with
increasing Zr/Zr+Ti molar ratios from 6:94 to 18:82 to 35:65 [7]; however, the hardness
increases significantly with decreasing Zr/Ti molar ratios from 2.9:1 to 1.8:1 [2]. The
hardness of the films also increases monotonically with decreasing Zr/Ti molar ratios from
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80:20 to 60:40 to 40:60 [1]. In summary, the dependence in hardness values of the films
with Zr/Zr+Ti molar ratio is parabolic [10]. A quasi-parabolic trend was also observed in
the present study, as shown by the colored dashes in Figure 6, with a maximum hardness
value corresponding to the Zr/Ti molar ratio of 40:60 but an inflection point at the Zr/Ti
ratio of 50:50.

4. Conclusions

1. The surface and cross-sectional morphologies and the deposition rate of TixZr1−xN
films with varying Zr/Ti molar ratios were similar when the deposition conditions
such as N2 gas flow and maintaining the total arc current at 110 A during evaporation
of any two of the Ti, Zr, and TiZr targets were maintained.

2. The FCC structure of the films was retained while the lattice constant increased
monotonically with increasing Zr/Ti molar ratio, consistent with Vegard’s law.

3. The preferred growth orientations of the films were affected by their composition.
When the Zr/Ti molar ratio was 40:60 or 60:40, the films showed preferred growth
orientation in the (111) and (220) crystal planes; however, at other compositions, the
films exhibited a preferred growth only in the (111) crystal plane. A symmetrical
distribution in the preferred growth orientation relative to the Zr/Ti molar ratio 50:50
was displayed.

4. The films exhibited a quasi-parabolic hardness distribution. The maximum hardness
was observed at a Zr/Ti ratio of 40:60. An inflection point with a small reduction
in hardness occurred at a Zr/Ti ratio of 50:50, after which the hardness increased as
Zr/Ti ratio increased from 40:60 to 60:40.
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Abstract: A thin film of vanadium oxide Magnéli phase V4O7 was produced using cathodic arc
sputtering. X-ray diffraction, Rutherford backscattering spectrometry and Raman investigations
confirmed the formation of this phase. The Raman spectrum of V4O7 differs considerably from the
spectrum of another Magnéli oxide, V3O5, showing that Raman spectroscopy is an excellent tool for
distinguishing between these two phases. Temperature-dependent Raman measurements revealed a
significant change of the spectra near the V4O7 metal–insulator phase transition.

Keywords: V4O7; Magnéli phases; vanadium oxides; thin films; Raman scattering; phase transitions;
Rutherford backscatter spectrometry

1. Introduction

V4O7 belongs to a series of vanadium oxides with a general formula of VnO2n−1
(n = 3–9) called Magnéli phases [1]. All these phases can be described as modifications of
the rutile structure with periodic sheared planes resembling stacking faults into which extra
planes of metal atoms are introduced [2]. All Magnéli phases, except V7O13, undergo a
metal–insulator transition with a little discontinuity in lattice constants [3]. For V4O7, such
transition is observed between 237 and 250 K [3,4]. At room temperature, V4O7 is metallic,
it has a triclinic structure and may be described in space group A1 (four vanadium and
seven oxygen atoms per unit cell with parameters of a = 5.509 Å, b = 7.008 Å, c = 12.258 Å,
α = 95.09◦, β = 95.19◦, γ = 109.21◦ at 298 K) [5]. Below 250 K, the resistivity increases
discontinuously by a factor of 8–50, the lattice symmetry is unchanged, and there are only
slight changes of lattice constants or atomic positions [4,5].

The similarity of structures of Magnéli phases may make it challenging to identify
the phase precisely using X-ray diffraction, especially if the sample is nanostructured (for
instance, thin film), highly textured and has large lattice stress. Recently, we showed that
Raman spectroscopy could be very sensitive to tiny variations of the crystal structure
by measuring the spectral features of V3O5 around the phase transition at ~420 K [6].
Later, our results were further developed and fully confirmed by the other group [7].
Meanwhile, Raman scattering features for V4O7 (as well as for the other Magnéli phases
with higher n) remain an open question. The only recent report claiming the synthesis
and Raman characterization of V4O7 demonstrate the typical spectrum of V2O5, probably
due to sample degradation during the measurement or the presence of impurities, was
compiled in [8].

From the practical point of view, V4O7 shows potential as a thin film material for
smart windows, optical switching and liquid crystal displays [9]. V4O7 nanoflakes demon-
strate good performance as a photocatalyst [8], V4O7 nanowires may be used as optical
sensors [10], and V4O7 nanocrosses are considered a promising candidate as a cathode for
lithium-ion batteries [11].

Typically, V4O7 is produced from a mixture of V2O3 and V2O5 powders by vacuum
heating [1,3] or vapor transport using TeCl4 [4,5,12]. Alternatively, this Magnéli phase
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can be obtained by solvothermal methods [8–11]. Direct sputtering of vanadium in an
oxygen atmosphere can also yield V4O7, but such reports are scarce [13]. In our work, we
used cathodic arc sputtering of vanadium target in reactive oxygen, and under certain
conditions, V4O7 films were formed. We studied these films using Raman spectroscopy at
room and low temperatures and showed that the phase transition significantly influenced
the observed spectra.

2. Materials and Methods

Vanadium oxide films were deposited by a cathodic arc sputtering of a vanadium
target in an oxygen atmosphere, similarly to our previous work [6]. The substrate was
10 mm × 10 mm (111)-oriented Si crystal with ~200 nm thermally grown oxide layer SiO2.
The substrate temperature during the deposition was 600 ◦C, and the pressure of reactive
oxygen was 0.045 Pa. The arc current was 55 A. The sample was placed about 50 cm
away from the cathode, at the point where growth speed was about 17 nm/min. The total
deposition time was 15 min, yielding a thickness of about 250 nm.

An X-ray diffraction (XRD) study of the films in θ–2θ geometry was performed using a
Bruker AXS D8 DISCOVER setup with a Cu Kα (0.15418 nm) radiation (Bruker, Karlsruhe,
Germany). Temperature-dependent measurements were performed using the Anton Paar
temperature control unit in the range of −120~+100 ◦C.

Raman scattering measurements were performed using a Horiba Jobin Yvon micro-
Raman spectrometer LabRam HR800 with an ×100 magnification objective lens (numerical
aperture of 0.9, Horiba, Villeneuve d’Ascq, France). Measurements were conducted at
room and lower temperatures in the argon environment to avoid water condensation on
the sample. Peltier element supplied by Kryotherm, Saint-Petersburg, Russia, was used to
achieve temperatures of up to −75 ◦C. A He-Ne laser with a 632.8 nm wavelength was used
to excite Raman scattering. Laser power on the sample was 0.5 mW, and a spot diameter
was about 10 μm (it was intentionally defocused to avoid sample degradation and reduce
overheating). The total acquisition time for each sample was at least 1 h.

Stoichiometry of produced samples was investigated by Rutherford backscattering
spectrometry (RBS) using the Van de Graaff accelerator AN2500 (High Voltage Engineering
Europa B.V., Amersfoort, The Netherlands) located at Immanuel Kant Baltic Federal Uni-
versity (Kaliningrad, Russia). A sample was exposed to a 1.5 MeV 4He+ beam. An angle
between the beam and normal to the sample surface was 5◦, an exit angle was 21◦, and a
scattering angle was 160◦. A beam current and a total accumulated charge were about 20
nA and 65 μC, respectively. Experimental spectra were processed using SIMNRA software
(version: 7.03) [14].

Morphology of the samples was investigated using the atomic force microscope (AFM)
SmartSPM Aist-NT in the tapping mode (amplitude 25 nm, AIST-NT Inc., Novato, CA,
USA) and the scanning electron microscope (SEM) Zeiss Cross Beam XB 540 (Carl Zeiss
Microscopy GmbH, Oberkochen, Germany), which is part of a unique scientific facility
«SynchrotronLike», operated at 3 kV.

3. Results and Discussion

XRD pattern for a powder V4O7 sample was calculated based on the crystal structure
from ref. [5] using Profex software [15] (Figure 1a). Our V4O7 film (Figure 1b) is highly
textured, and the only strong peak is located at 2θ = 39.04◦. The nearest reflection for the
bulk sample is (222) at 2θ = 38.86◦, so the compressive stress in the film is about 0.4%. A
(222) reflection may be rewritten in rutile VO2 (R) subcell coordinates as (200)R [5]. Such
texturing is typical for VO2 films [16,17], including samples produced by arc sputtering [18].
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Figure 1. (a) Calculated XRD powder pattern of V4O7. (b) XRD patterns of a V4O7 film measured at
different sample tilts (ψ). (c) Dependence of (222) peak position on temperature.

One of the characteristic reflections of V4O7 is (102) at 2θ = 21.14◦ (for V5O9 the
equivalent reflection is (102) at 2θ = 22.36◦ [19] and for V3O5 the equivalent reflection is (200)
at 2θ = 19.13◦ [20]). For a sample with a texture of (222), this reflection can be observed in
θ–2θ scans if a sample tilt of ψ = 43◦ is applied (this angle is calculated according to ref. [21]).
In Figure 1b we indeed see such a reflection at 2θ = 21.13◦, confirming the formation of
V4O7. The experimental configuration at ψ = 43◦ supports the observation of several
other expected reflections: (120) at 2θ = 26.81◦ (expected at 2θ = 26.76◦, ψ = 32◦), (104) at
2θ = 32.22◦ (expected at 2θ = 32.3◦, ψ = 49◦), (302) at 2θ = 53.6◦ (expected at 2θ = 53.45◦,
ψ = 45◦), (206) or (126) at 2θ = 54.2◦ (expected at 2θ = 53.96◦, ψ = 45◦ or 2θ = 54.16◦, ψ = 43◦,
respectively), (142) at 2θ = 56.25◦ (expected at 2θ = 56.13◦, ψ = 43◦) and (242) at 2θ = 56.7◦
(expected at 2θ = 56.63◦, ψ = 43◦). Since we observe all the expected peaks (with relatively
high intensities) and only the expected reflections, we can conclude that our film is indeed
V4O7 and contains no other phases.

Temperature dependence of the position of (222) reflection is shown in Figure 1c. We
can see the abnormal expansion of the lattice during the sample cooling from 0 to −65 ◦C.
Such behavior is associated with the phase transition in V4O7. However, the discontinuity
on the graph, which could help to locate the exact transition temperature, can hardly be
seen even for single crystals [5]. For thin films, the phase transition is usually not abrupt,
which is related to the complex internal strain dynamics in the film [7,22]. Thus, we can
only conclude that the phase transition temperature in our sample is above −65 ◦C.

The formation of V4O7 is further confirmed by elemental analysis performed by RBS
(Figure 2). An experimental spectrum was fitted, suggesting structures with different
values of x in the VOx layer. The number of incident particles was adjusted to minimize the
quadratic deviation for the signal from vanadium (channels 245–280). Then, the value of
the reduced quadratic deviation χ2

R was analyzed for the oxygen region (channels 75–115).
The film composition of V4O7 gives the best agreement between experiment and simulation
(χ2

R = 1.4). The accuracy of the method rules out the formation of V3O5 or Magnéli phases
with n ≥ 6 (χ2

R = 8.6 and 5.3 for V3O5 and V6O11, respectively). However, it would be
challenging to distinguish between V4O7 and V5O9, since V5O9 also gives an acceptable
agreement between experiment and simulation (χ2

R = 2.3).
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Figure 2. RBS of V4O7 film. Three color lines correspond to fits for films with different stoi-
chiometry. Inset shows the comparison between experiment and simulation for V4O7 and V5O9.
1 channel = 3.94 keV.

Morphology of V4O7 film was investigated using SEM and AFM (Figure 3). From the
Scherrer equation (FWHM of (222) peak is 0.15◦), we can estimate the average crystallite
size as 60 nm. This value is consistent with visible grain sizes (Figure 3a,b,d). Additionally,
using a watershed algorithm, we determined that the distribution of equivalent disk
diameter for grains has a maximum of 60 nm and a mean value of 100 nm. From the
cross-section image (Figure 3c), we can estimate the film thickness as 240 nm, which is in
good agreement with the value obtained by RBS.

 

Figure 3. Morphology of V4O7 film. (a) SEM and (b) AFM images of the sample surface. (c) SEM
image of the sample cross-section. (d) Height profile measured by AFM along the white line 1 in (b).

Raman spectrum of V4O7 film is shown in Figure 4. The spectrum is similar to one
observed in our previous work (VOx, Figure 12 in ref. [6]). However, this VOx phase
was not properly identified, and the sample contained impurities. V4O7 undergoes a
phase transition between −36 and −23 ◦C, so two different spectra are presented: above
(20 ◦C, Figure 4b) and below (−75 ◦C, Figure 4d) the phase transition temperature. Cooling
the V4O7 sample leads to a blueshift of all Raman bands. Moreover, low-temperature
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modification has four additional peaks at 166, 556, 596 and 714 cm−1. Such spectral changes
can be compared with the behavior of another Magnéli phase, V3O5 (Figure 4a,c). Similarly
to V4O7, heating of V3O5 above the phase transition leads to the disappearance of strong
peaks at higher wavenumbers: 564, 591 and 740 cm−1.

 
Figure 4. Raman spectra of vanadium oxide Magnéli phases: (a) V3O5, high-temperature modifica-
tion, (b) V4O7, high-temperature modification, (c) V3O5, low-temperature modification, (d) V4O7,
low-temperature modification. The asterisk marks the position of the Si substrate peak.

Temperature-dependent Raman measurements are summarized in Figure 5. Only
slight blueshifts of the bands are observed up to −50 ◦C. At −55 ◦C, we can see the appear-
ance of new peaks at 165, 553, 593 and 709 cm−1. Further cooling does not significantly
influence the spectrum. The spectral changes are fully reversible if the sample is heated
to room temperature after the cooling. From our measurements, we can conclude that
the sample undergoes a phase transition at a temperature between −50 and −55 ◦C. This
temperature is slightly lower than the phase transition temperature of bulk V4O7 (the
reported values are −36 [4] or −23 ◦C [5]). The discrepancy can be explained by the effect
of external surface and grain-boundary surface energies [23]. This effect shifts the phase
transition temperature by up to several tens of degrees to lower or higher values and is
typical for thin films. Note that the phase transition in other Magnéli phases occurs at much
lower temperatures (the highest one is about −100 ◦C for V6O11 [3]).

 
Figure 5. Raman spectra of V4O7 at different temperatures: (a) 20 ◦C, (b) –40 ◦C, (c) –50 ◦C, (d) –55 ◦C,
(e) –60 ◦C, (f) –75 ◦C, (g) 20 ◦C after low-temperature measurements. The asterisk marks the position
of the Si substrate peak. Arrows mark the appearance of new peaks indicating the phase transition.
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Temperature dependence of the V4O7 film electrical conductivity is given in Figure 6.
Similar to XRD, we can see a broad transition region between −25 and −55 ◦C. The absolute
value of conductivity at room temperature agrees well with the value previously reported
for the bulk crystal [4]. For the low-temperature region, our curve is shifted by 20–25 K.
Such shift is consistent with our observations derived from Raman spectroscopy.

 
Figure 6. Temperature dependence of electrical conductivity (logarithmic scale). (a) V4O7 film,
(b) V4O7 single crystal (data from [4]).

4. Conclusions

Magnéli phases of vanadium oxides were directly produced by a sputtering technique.
During the cathodic arc sputtering of the vanadium target, V4O7 grows by 17 nm/min at
600 ◦C and 0.045 Pa of oxygen pressure. Produced V4O7 films have a preferred orientation of
(222) corresponding to (200) in rutile coordinates. The stoichiometry of V4O7 was confirmed
by Rutherford backscatter spectrometry. The room temperature Raman spectrum of this
phase is relatively weak, and its measurement requires careful tuning of the laser power
on the sample. The spectrum consists of one strong narrow peak at 203 cm−1 and several
weaker and broader bands at 176, 247, 303, 357, 414, 431 and 495 cm−1. Metal–insulator
phase transition in V4O7 was observed by Raman spectroscopy between −50 and −55 ◦C.
The low-temperature spectrum is characterized by four additional bands at 166, 556, 596
and 714 cm−1 (at −75 ◦C).
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Abstract: TiCrAlN hard films based on TiN or CrN show superior properties in terms of hardness,
wear resistance, and thermal stability due to the addition of alloying elements. AlCrTiN films based
on AlN may have higher thermal shock properties, but the knowledge of AlCrTiN films with high Al
content has been insufficient until now. In this study, two sets of AlCrTiN hard films with different Al
contents of 48 at.% and 58 at.% among metal components were prepared via multi-arc ion plating so as
to investigate the effect of Al content on the phase composition, hardness, and thermal shock resistance
of the films. The same microstructures, morphologies, and thicknesses of the fabricated film samples
were achieved by changing the combination of cathode alloy targets and adjusting the arc source
current during deposition. The surface chemical composition, cross-sectional elemental distribution,
microstructure, morphology, phase composition, surface hardness, film/substrate adhesion strength,
and thermal shock performance of the AlCrTiN films were examined. The obtained results reveal that
the two sets of AlTiCrN hard films are face-centered cubic solid solutions with a columnar fine grain
structure and a preferred growth orientation of (200) crystal plane. The hardness of the AlCrTiN
films can be improved up to HV2850 by properly reducing the Al content from 58 at.% to 48 at.%.
Meanwhile, the film/substrate adhesion performance is strong enough in terms of critical loads
greater than 200 N. Furthermore, the AlCrTiN films maintain high thermal shock resistance at 600 ◦C
when the Al content decreases from 58 at.% to 48 at.%. The optimal composition of the AlCrTiN
hard films is 25:13:15:47 (at.%), based on the consideration of hardness, adhesion, and thermal shock
cycling resistance. This optimal AlCrTiN hard film can be suggested as an option for protective
coatings of hot process die tools.

Keywords: AlCrTiN hard films; multi-arc ion plating; TiN/CrN molar ratio; hardness; phase compo-
sition; thermal shock cycle

1. Introduction

Nitride hard films have been extensively studied and developed for the application to
cutting tools. In ternary nitride hard films, such as AlCrN, AlTiN, and CrTiN, the atomic
substitution of metal components produces substitutional solid solution (MxMy)N nitride
films, which cause lattice distortion and thus increase the film hardness. From the per-
spective of solid solution strengthening, when the crystal structure remains single phase
without forming second phase, the larger the lattice distortion caused by the increase in
the solute fraction, the more apparent the strengthening effect. Based on the stoichiomet-
ric chemical ratio of a (MxMy)N-type nitride film, the maximum solution strengthening
hardness can be obtained at a molar ratio of the metal components close to 1:1 [1–3]. When
accompanied by a crystal lattice distortion, the preferred crystal growth orientation and
even phase composition of the film may also change [4,5].

To increase the hardness of TiN-based ternary nitride films and optimize their com-
prehensive properties, a third metal component is often added to form a quaternary sub-
stitutional (TiXMYMZ)N nitride solid solution hard film. For example, TiAlCrN, TiAlZrN,
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and TiAlNbN hard films generally exhibit high hardness and good comprehensive prop-
erties [6–11]. In consideration of the strong effect of Al on the oxidation resistance of
Al-contained nitride hard films and the service requirements for nitride hard films as
protective coatings of tools and molds, the thermal shock resistance of these films directly
affects their actual utilization [12,13]. In fact, most studies on TiAlCrN hard films examined
CrN-based and TiN-based films, while relatively few reports focused on AlCrTiN hard
films with high Al contents.

Moreover, studies on AlCrN and AlTiN hard films with high Al content have shown
that the AlN content up to 60–70 mol.% in Ti1−xAlxN or Cr1−xAlxN single solid solution
phase with face-centred (fcc) cubic lattice can be retained without an occurrence of hexago-
nal close-packed (hcp) structure [14–16]. Additionally, the hardness of AlCrN and AlTiN
hard films with fcc structure was generally larger than that with (hcp) structure. Similar
results were also validated in the study of AlCrTiN hard films [8,17].

The present work aims to investigate the effects of Al content among metal components
and Ti/Cr ratios on the phase composition, hardness, film/substrate adhesion strength, and
thermal shock properties of AlCrTiN solid solution hard films with fcc structure. Through
the deposition process design of multi-arc ion plating technology, different combinations
of cathode arc source targets were selected, and the corresponding arc source current was
adjusted to ensure the basic consistency of the fabricated film samples in terms of their
surface morphology, cross-sectional morphology, N content distribution, and film thickness.
Additionally, the deposition process was designed to ensure the Al contents among metal
components in AlCrTiN hard films were less than 60 at.% so as to fabricate AlCrTiN solid
solution hard films with fcc structure.

2. Materials and Methods

AlCrTiN hard films were prepared via multi-arc ion plating (MAD-4B) on high-speed
steel (W18Cr4V, HRC63-64) substrates [18]. The co-deposition of AlCr and AlTi dual-arc
source alloy targets (99.95% purity) with various compositions was performed to ensure the
comparability of the deposited AlCrTiN hard films. The two arc source target currents were
combined in different proportions to vary the film compositions, while other deposition
parameters, such as the gas flow (pressure), deposition time, and deposition temperature,
remained the same so as to ensure the basic consistency of the fabricated film samples in
terms of their surface morphology, cross-sectional morphology, N content distribution, and
film thickness. The coated samples were marked as 1#–6#, as shown in Table 1.

Table 1. Cathodic arc current combination during the deposition of AlTiCrN films (total current = 110–114 A).

Sample No. Cathodic Arc Current (A) Deposition Time (min) Bias (V)

1
Al70Cr30 Al70Ti30

5 + 10 + 35 180
56 54

2
Al70Cr30 Al50Ti50

5 + 10 + 35 180
58 55

3
Al50Cr50 Al64Ti36

5 + 10 + 35 180
59 55

4
Al70Cr30 Al50Cr50

5 + 10 + 35 180
50 60

5
Al50Cr50 Al64Ti36

5 + 10 + 35 180
55 55

6
Al50Cr50 Al64Ti36

5 + 10 + 35 180
58 52
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Double-target arc prebombardment was performed at a relatively high negative volt-
age bias (320–350 V) in an Ar atmosphere (3.0 × 10−1 Pa) for 10 min to clean the substrate
and thus increase the film adhesion strength. The initial temperature of the arc bombard-
ment process was 180 ◦C. After that, an alloy transition layer (deposition time: 5 min, bias
voltage drop: −180 V), low N2 flow film (deposition time: 10 min, bias voltage: −180 V),
and normal N2 flow film (deposition time: 35 min, bias voltage: −180 V) were obtained
(Figure 1). The vacuum chamber temperature at the end of the entire deposition process
was 200 ± 10 ◦C.

Figure 1. The flow rates of Ar and N2 vs. deposition time. Black line: Ar, and red line: N2.

Surface morphologies and compositions, cross-sectional morphologies, and elemental
distributions of the as-deposited AlCrTiN films were observed with the aid of field-emission
scanning electron microscopy (FE-SEM, S-4800) combined with energy-dispersive X-ray
spectroscopy (EDS). Phase compositions of the as-deposited films were determined by
X-ray diffraction (XRD, X’PertPRO) at a voltage of 40 kV, current of 40 mA, and wavelength
(Cu-K α) of 0.154056 nm. The scanning angle (2θ) varied from 20◦ to 90◦ at a rate of
0.02◦/min and step size of 0.05◦. The obtained XRD data were analyzed by the Jade and
Origin data processing software. The hardness of the as-deposited films was measured by
performing Vickers micro-indentation tests (402 MVD). Three positions in the same field of
view were tested at a load of 0.25 N for 20 s.

The film/substrate adhesion strengths of the prepared AlTiCrN films were determined
by a WS-2005 automatic scratch tester. The maximum limit of the test load was 200 N, the
loading rate was 200 N/min, the scratch speed was 4 mm/min, and the scratch length was
4 mm. A dynamic load method was used during testing, and an acoustic emission signal
was recorded. The surface of each prepared sample film was examined by conducting
3–5 scratch tests.

Thermal shock tests were performed at 600 ◦C in a box-type electrical resistance fur-
nace. A film sample was placed in the uniform temperature zone of the furnace for 10 min,
quickly cooled to room temperature in water, and dried with hot air. The microstructure of
the film layer was observed, and the test was repeated for 16 cycles.

3. Results and Discussion

3.1. Surface Morphology and Composition of AlCrTiN Hard Films

The surface morphologies of all the as-deposited films were observed by SEM. The
surfaces of all coating layers were very similar and contain distributed “large particles”
(liquid droplets). In general, each coating surface consisted of non-liquid and liquid
droplets. These particles, with sizes below 6 μm, were formed from the micro-droplets
sprayed from the cathode target surface [19,20]. Furthermore, the droplet densities on the
surfaces of samples 1# and 4# were higher than those on the surfaces of other specimens,
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which can be attributed to the higher arc currents and Al contents of the targets used for
preparing these two samples. According to the literature, Al-Cr alloy targets are more
likely to produce larger particles [21,22]. In addition, some scattered micro-pits were also
observed on the film surfaces, owing to the shedding of loosely attached liquid particles
during the deposition process (Figure 2).

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 2. Surface morphologies of the deposited AlCrTiN films. The numbers (a–f) correspond to
samples 1#–6#, respectively.

The surface compositions of the as-deposited films, including the droplet-free areas
and large droplet particles, were determined by EDS. Because the N contents in the droplet-
free areas of different film samples were nearly identical (46–47 at.%, see Figure 3a), the
metal contents in the droplet-free areas could be normalized; then, an intuitive distribution
triangle of the metal component contents could be established, as shown in Figure 3b. It
was found that film samples 1#, 2#, 3#, and 4# exhibited almost the same Al content (58 at.%)
and different Ti/Cr molar ratios, while the Al contents of samples 5# and 6# were equal to
48%. As a result, the AlCrTiN film samples with varied Al contents could be divided into
two groups for the subsequent comparative study.

The droplet compositions on the film surfaces had relatively high uncertainties. Sample
3# is used as an example to illustrate this uncertainty. In the same field of view, the
composition of droplet particles fluctuated significantly (Figure 4). This can be attributed
to the following two reasons. First, it was closely related to the time of droplet attachment
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to the film surface during deposition. Thus, the droplets that attached at the early stage
of the deposition process formed a surface with a composition close to that of the droplet-
free areas due to the subsequent deposition of the film layer [23]. However, almost all
droplets attached at the later stage of the deposition process were metallic. Second, the
compositions of the arc source targets strongly influenced the droplet composition. Because
different droplets could overlap on the film surface, this also increased their compositional
uncertainty.

(a) (b) 

Figure 3. Chemical composition of the surface of the films. (a) Droplet-free film layer areas. (b) The
corresponding normalized metal component contents.

 

Al6.78Ti91.12Cr2.09(at%) 

N49.28Al34.11Ti7.07Cr9.54(at%) 

Al24.49Ti72.32Cr3.18(at%) 

Figure 4. Chemical composition of the droplets on the surface of films.

3.2. Cross-Sectional Morphology and Elemental Distribution of AlCrTiN Hard Films

The brittle fracture cross-sectional SEM images of the as-deposited films obtained
at room temperature are shown in Figure 5. The thicknesses of the films were very sim-
ilar (2.1–2.3 μm) and all films exhibited dense and fine columnar crystal morphologies.
Figure 6a–c present the grain growth morphology of the film surface in the droplet-free
region of samples 5#, 6#, and 3#. Nearly the same fine grain growth morphology was
observed in samples 1#–4#, and it was difficult to observe clear crystal grain boundaries.
The possible reason is that film samples 1#–4# contained higher Al contents. In com-
parison, relatively clear grain boundaries were observed in samples 5# and 6#, and the
grains of sample 6# were finer than those of sample 5#, with approximately half the grain
cross-section size. The grain cross-section sizes of samples 1#–6# were between 30 nm
and 60 nm and roughly consistent. The grain size of AlCrN films with an Al/Cr atomic
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ratio from 1:1 to 2.3:1, deposited by the process parameters similar to those used in the
present work, was reported as about 35 nm [24]. The fine columnar crystal microstructure
of multi-component nitride hard films deposited by cathodic arc ion plating at a properly
high bias is a characteristic of the deposition technology [25,26].

 

 

 

 

 

 

 

 

 

 

 

 

Figure 5. Cross-sectional morphologies of the films. The numbers (a–f) correspond to samples 1#–6#,
respectively.

EDS line scanning was performed to determine the elemental distribution in the film
growth direction. As expected, the sample coatings demonstrated similar distribution
characteristics. The N content in each sample exhibited an apparent gradient in the film
growth direction, while the contents of the other metal components remained almost
unchanged (Figure 7).

Note that the utilized deposition technology and deposition process parameters pro-
duced different effects on the structure and properties of the multi-component nitride hard
films. For example, the negative substrate bias affected the structure, composition, phase
composition, and hardness of the films [27,28]. Meanwhile, the N2 flow rate and substrate
temperature influenced the N content, structure, and hardness of the film layer [29,30].
Although the compositions of the films prepared using different deposition technologies
and conditions were either the same or very similar, the properties of these films differed
considerably [31,32].

During deposition, the sum of the two arc currents was maintained constant at
110–114 A, and the deposition time was 5 + 10 + 35 min. Meanwhile, the negative bias
voltage of the substrate as well as the argon and nitrogen flow rates at the corresponding
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stages of the deposition process were the same for all film samples. This ensured the
nearly identical distributions of N atoms, microstructures, and thicknesses of all films;
therefore, the prepared samples mainly differed in their compositions, and their phase
compositions were determined by the corresponding film compositions. Finally, the film
and phase compositions synergistically influenced the film performance. In summary, film
composition was a single important factor affecting film characteristics, which allowed
for the examination of the influences of Al content and Ti/Cr molar ratio on the phase
composition, hardness, film/substrate bonding strength, and thermal shock properties of
the fabricated AlCrTiN hard films.

 

 

 

 

 

 

 

 

Figure 6. The grain growth morphology of the film surface in the non-droplet region; (a–c) correspond
to samples 5#, 6#, and 3#, respectively.
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Figure 7. Cross-sectional elemental distribution in the growth direction of the films (sample 6#).

3.3. Phase Compositions of AlCrTiN Hard Films

All films were investigated by small-angle XRD, and the obtained results were ana-
lyzed by the JADE software. The XRD patterns depicted in Figure 8a,b exhibit similar char-
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acteristics in diffraction peak intensity distribution. According to the standard diffraction
patterns of CrN and TiN (Figure 9a,b), the prepared AlCrTiN films are mainly composed of
the face-centered cubic (fcc) AlCrTiN phase with substitutional solid solution characteristics
and the preferred growth orientation of the (200) crystal plane (tagged with the solid circle
symbol, in Figure 8a). Additionally, a TiAlCr alloy phase (tagged with the diamond symbol,
in Figure 8a) with varied metal element concentrations, resulting from the droplets attached
at the later stage of the deposition process, can be identified. Notably, the fcc AlCrTiN
phase present in films 3#, 4#, and 6# exhibits a diffraction peak smoothing or separation
feature (Figure 8b) due to the high Al and Cr contents [15,16]. However, unlike the phase
transition tendency from fcc structure to hcp structure in Ti1−xAlxN or Cr1−xAlxN films
as the Al content among metal components increases up to 60–70 mol.%, the fcc structure
rather than hcp structure seems easily retained for AlN in the AlTiCrN films. This may be
attributed to the fact that complex lattice distortion due to the addition of Ti atoms into
AlCrN lattice weakens the driving force to form hcp structure of AlN phase, as shown by
the XRD patterns of films 2# and 5#.

(a) (b) 

Figure 8. (a) XRD patterns of AlCrTiN films, (b) Partial enlarged detail of the XRD patterns.

(a) (b) 

Figure 9. Standard XRD patterns of CrN and TiN. (a) CrN. (b) TiN.

The (200) crystal plane diffraction peak of film sample 4# corresponds to the Al(Cr)N
fcc phase with high Al content and Cr(Al)N fcc phase with high Cr content. The Ti
contents of samples 3# and 6# are similar, and these samples also exhibit high Al and Cr
concentrations, indicating a separation trend. However, their Cr(Al) contents are lower
than those of sample 4# because some Cr(Al) atoms are substituted by Ti atoms, which
weaken the separation trend. This resulted in the formation of a single AlCrTiN phase
broadening the (200) diffraction peak. Therefore, no isolated TiN, CrN, or AlN phases are
present in the prepared films except for in sample 4#.

From the results obtained for samples 4#, 3#, 2#, and 1# with the same Al contents,
it can be concluded that increasing the Ti/Cr ratio promotes the formation of a single fcc
solid solution. The same feature was observed for samples 5# and 6#, suggesting that
the AlCrTiN film easily maintains the fcc structure even at high Al contents close to 60%.
Although the Al contents in all films (except for sample 4#) are as high as 48%–58%, their
diffraction peaks remain between the standard diffraction peaks of the TiN and CrN phases,
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indicating that the peaks of the (200) crystal plane obtained for these films are shifted to
smaller angles.

As shown in Figure 3b, the AlCrTiN film can be seen to be a substitutional solid
solution formed by the TiN, CrN, and AlN phases, and their respective proportions are
replaced by the normalized proportions of metal element concentrations. The ideal lattice
constants of the fcc solid solution of each group of the fabricated film samples were
calculated according to Vegard’s law. Additionally, considering the characteristic diffraction
peak position of the (200) crystal plane of the AlCrTiN film, the lattice constant of the fcc
(AlCrTi)N solid solution phase was directly determined using the JADE software. The
obtained results are shown in Figure 10. The experimentally measured lattice constants
of all films (except for sample 4#) are significantly higher than the values calculated by
Vegard’s law because TiN, CrN, and AlN form a complex fcc solid solution, resulting in
large lattice distortions and the formation of vacancy defects. Because the conducted film
deposition was a non-equilibrium process, point defects and residual thermal stress were
generated in the films, increasing the lattice constant [33].

Figure 10. Lattice constant of the films obtained from the experiments and calculations using Vegard’s
law. Notes: 1. excluding film 4#; 2. the 2θ angle of (200) crystal plane of films 3# and 6# is an estimated
value.

The texture characteristics of a multi-component nitride film are strongly related to
the utilized deposition technology and process parameters. The Cr1−xAlxN film prepared
by multi-arc ion plating technology, which is similar to the fabrication method used in the
present study, exhibited similar properties (a B1-NaCl-type fcc structure was formed below
x = 0.6, and its preferred growth orientations corresponded to the (200) and (111) crystal
planes) [34]. However, the AlxCr1−xN film produced by unbalanced magnetron sputtering
with two sputtering sources at 0.31 ≤ x ≤ 0.71 had a preferred orientation of the single
(111) crystal plane [35].

In this work, the single composition change did not change the phase composition
or crystal structure of the AlCrTiN films, owing to the consistency of the deposition
process. All films (except for 4#) were composed of the single AlCrTiN substitution fcc solid
solution phase and had the same preferred growth orientation corresponding to the (200)
crystal plane. Therefore, it can be concluded that the performance difference of these films
originated from composition changes. This effect mainly involved solution strengthening
caused by lattice distortion.

3.4. Hardness and Adhesion of AlCrTiN Hard Films

The microhardness test data obtained for all film layers of droplet-free areas are listed
in Table 2. It shows that the hardness values of AlCrTiN samples 1#–4# with equal molar
ratios of AlN (~58%) are lower than those of the AlCrN and AlTiN films with the same AlN
molar ratio [16,35]. These results indicate that the hardness of the AlCrTiN films formed
by adding Ti or Cr atoms to AlCrN or AlTiN films with high Al contents is relatively low.
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However, with a decrease in the molar ratio of AlN to 48%, the hardness values of the
AlCrTiN films 5# and 6# increase as compared with those of films 2# and 3#.

Table 2. The microhardness of AlCrTiN films.

Sample No. AlN/mol % TiN/mol % CrN/mol % TiN/CrN Microhardness (HV) Adhesion (N)

1 57.14 33.39 9.44 3.54 2680 ± 200 >150
2 58.14 30.67 11.2 2.74 2650 ± 200 >200
3 58.67 16.88 24.47 0.69 2620 ± 200 >200
4 57.40 0 42.6 0 2750 ± 200 >130
5 48.06 27.6 24.36 1.13 2850 ± 200 >200
6 47.54 20.33 32.13 0.63 2730 ± 200 >200

Under the premise of maintaining the fcc structure of a ternary substitutional solid
solution nitride film (such as AlCrN, TiAlN, and TiCrN), as the content of the second metal
component increases, the lattice distortion will increase, and then the hardness of the film
layer tends to increase [3,34,36]. The hardness maximum value is reached when the metal
component ratio is close to 1:1.

The present AlTiCrN substitutional solid solution films were formed by adding Ti
atoms to AlCrN fcc structure and replacing some of the Al and Cr atoms because the ratio of
N/Metal is the same and almost equal to 1:1. In this case, three solid solution combinations
were produced: a combination of AlN and TiN, a combination of AlN and CrN (both
of which have high AlN fractions), and a combination of TiN and CrN. Therefore, the
hardness of the AlTiCrN solid solution film was reduced because the AlCrN and AlTiN
films with high Al contents exhibited low hardness values. Only when the addition of
Ti atoms reached a certain fraction among the metal components and the AlTiCrN solid
solution was gradually transformed into a combination of AlN/TiN and AlN/CrN, both
with a small concentration difference, did the film hardness increase, as shown by films 5#
and 6#.

According to previous studies, the hardness of the Cr0.66Al0.34N ternary film is
28.5 GPa. With the addition of the Ti component at f Ti = 5% and 10%, the hardness
values of the resulting Cr65Ti5Al30N and Cr61Ti10Al29N films increase to 34 and 40 GPa,
respectively. When f Ti is further increased, the hardness begins to decrease slowly. When
the Ti content reaches 64%, the hardness of the Cr26Ti64Al10N film decreases to 29 GPa [37].
However, the hardness of the Ti0.17Al0.53Cr0.30N, Ti0.23Al0.36Cr0.4N, and Ti0.46Al0.20Cr0.34N
films prepared using different combinations of the TiAl, Cr, and Al targets monotonically
increases with a decrease in the Al content and increase in the Ti content [17]. The work to
investigate the effect of bias on the composition and hardness of TiAlCrN films shows that
as the bias increases from 100 V, 150 V, 200 V to 250 V, the composition of the films is suc-
cessively changed into Ti23Al18Cr20N, Ti27Al16Cr21N, Ti20Al14Cr29N, Ti23Al12Cr31N, and
the hardness is successively changed into HV2800, HV5100, HV4650, HV4650V [38]. Thus,
it can be concluded that the hardness values of the TiN-based TiAlCrN and CrN-based
CrTiAlN films are generally higher than that of the AlN-based AlTiCrN film.

In addition, the N/metal ratio of nitride hard films directly affects their hardness,
which decreases when this ratio deviates significantly from the stoichiometric ratio of
1:1 [39,40]. Therefore, the N content in the hardening film layer is generally maintained
between 45 and 52 at.%, which is close to the ideal chemical ratio required to maximize
the hardness of the nitride film. The N contents in the hardening surface layers of the
as-deposited AlTiCrN solid solution films prepared in this study amounted to 47%–48%,
which ensured their maximum hardness at various ratios of the metal components.

The film/substate adhesive strength values of the AlCrTiN hard films (Table 2) suggest
that the adhesion between the film and substrate is relatively strong, except for film samples
1# and 4# (the other films layers withstood critical loads exceeding 200 N). Previous studies
have shown that designing the N gradient distribution in nitride hard films is an effective
method for improving the film/substrate adhesion performance [41,42]. For example, the
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adhesive strength of a (TiAlNb)N film with N gradient distribution prepared was much
larger than that of a (TiAlNb)N film without an alloy transition layer and N gradient
distribution [11,43].

In the present study, the ion bombardment of the high-speed steel substrate prior
to film deposition and subsequent deposition of the alloy transition layer prevented the
separation of the film from the substrate and increased the film adhesive strength. Opti-
mizing the gradient distribution of the N element in the film growth direction inhibits the
accumulation of growth stress and produces a gradient of the thermal expansion coefficient,
which helps improve both the adhesion [41,42] and thermal shock performance of the film.

3.5. Thermal Shock Cycling Performance of AlCrTiN Hard Films

The cutting tools and dies coated with nitride hard films are generally required to have
long service lives and good machining properties under hot and cold cycling conditions.
Therefore, the corresponding hard films must possess high thermal shock resistances.

The fabricated AlCrTiN hard films were subjected to thermal shock cycles at 600 ◦C,
and the changes in the surface morphology were observed after each cycle. After eight
cycles, no significant changes in the film surfaces were detected by SEM with a 2000×
magnification. The surface changes of two samples, 1# with more droplets and 5# with
fewer droplets, are given as examples, as shown in Figure 11. To observe the film surface
more carefully, the magnification was increased to 10,000×. During the entire eight thermal
shock cycles, the observable change in the surface morphology was that the surface of
droplet particles became coarse, and some very small particles appeared. In contrast,
negligible morphological changes occurred in the droplet-free areas. This indicates that the
surface oxidation rate of the droplets was significantly higher than that of the droplet-free
area. After the eighth cycle, neither cracking or shedding of droplets nor cracks on the
surface of the droplet-free area were detected in any of the samples. Figure 12a,b show the
surface changes of samples 2# and 3#, respectively.

  
 

 

 

 

Figure 11. Surface morphologies of AlTiCrN hard films after the 8th thermal shock cycle. (a) Sample
1#. (b) Sample 5#.

 

 

 

 

Figure 12. Surface morphologies of film samples 2# and 3# after 8th thermal shock cycle. (a) Sample
2#. (b) Sample 3#.
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After the 16th cycle, inconsistent changes were observed on the film surfaces with
different compositions (Figure 13). For films 1# and 4#, no obvious changes in the film
surface morphologies (the droplet-free areas) were observed, as shown by the red circle
in Figure 13a,d. However, a few of cracks formed on the surfaces of droplet particles. For
films 2# and 3#, the obvious growth of the cross-section grain size of the film layer (the
droplet-free areas) was observed up to about 200 nm and 300 nm, respectively, as shown by
the red circle in Figure 13b,c. Meanwhile, a few cracks were observed on droplet particles.
For films 5# and 6#, on the film surface of the droplet-free areas, the grain boundaries
became blurred and the cross-section size of grain in film 5# seemed to be larger than that in
film 6#, as shown by the red circle in Figure 13e,f. Additionally, no visible cracks formed on
the surfaces of droplet particles. In general, all films exhibited no cracks in the droplet-free
area through 16 thermal shock cycles. This means that the prepared film samples possessed
high thermal shock resistances.

 

  

 

 

 

 

 

 

 

 

 

Figure 13. Surface morphologies of film samples after 16 thermal shock cycles. The numbers (a–f)
correspond to sample numbers 1#–6#, respectively. Red circle region: droplet-free area.

The Al element has a relatively high oxidation resistance because it easily forms a dense
oxide (Al2O3) layer that covers the film surface during thermal shock, thus preventing
oxygen atoms from further penetrating the film and resulting in the oxidation of the film
layer [44]. However, the Cr element can promote the oxidation of Al atoms and accelerate
the formation of Al2O3 [45]. Therefore, a film with high Al content typically exhibits high
thermal shock resistance. In the present study, all film layers of the droplet-free areas
with high Al and Cr contents demonstrated high thermal shock resistance. Because the
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thermal shock cycling temperature was 600 ◦C, which is lower than the preferred oxidation
temperature of Al [46–48], films 1#–4# with higher Al contents, in comparison with films
5# and 6#, did not exhibit obvious advantages in terms of thermal shock resistance.

4. Conclusions

In this study, two sets of AlCrTiN hard films with different Al contents among metal
components were prepared. All of the films exhibited almost identical surface morpholo-
gies, cross-sectional microstructures and morphologies, thicknesses, and N content distri-
butions because the combination of alloy targets and parameters of the deposition process
were adjusted for each sample. The main conclusions from the obtained results are summa-
rized below.

1. All AlTiCrN hard films (i.e., droplet-free areas, the same below) consist of the fcc solid
solutions with a columnar fine microstructure and the preferred growth orientation
of (200) crystal plane at high Al contents from 48 up to 58 at.%. AlCrTiN films easily
maintains the fcc structure even at high Al contents up to 58 at.% due to the complex
lattice distortion.

2. The hardness of AlTiCrN films with an Al content of 58 at.% is significantly lower
than those of TiCrAlN and CrTiAlN hard films with high Ti and Cr contents, and
varying the Ti/Cr ratio does not increase hardness of the AlTiCrN films.

3. The hardness of AlCrTiN films can be improved up to HV2850 by properly reducing
the Al content from 58 at.% to 48 at.%. Meanwhile, the film/substrate adhesion
performance is strong enough in terms of critical loads greater than 200 N.

4. AlCrTiN films maintain high thermal shock resistance at 600 ◦C even when the Al
content decreases from 58 at.% to 48 at.%. In the droplet-free area of the film surface,
no crack appeared through 16 thermal shock cycles. The thermal shock failure of the
films is typically manifested as a rupture and droplet particles falling off.

5. The optimal composition of AlCrTiN hard films is 25:13:15:47 (at.%), which is deter-
mined from the results of hardness, adhesion, and thermal shock cycling resistance
measurements. This optimal AlCrTiN hard film can be used as an option for protective
coatings of hot-pressure die tools.
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